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Preface to ”Science, Characterization and Technology

of Joining and Welding”

As the Guest Editor of the Special Issue of Metals entitled “Science, Characterization, and

Technology of Joining and Welding”, I am pleased to have this book published by MDPI. Joining,

including welding, soldering, brazing, adhesive bonding, and assembly, is an essential requirement

in manufacturing processes and is classified as a secondary manufacturing process. Many welding

processes are accomplished by heat alone, with no pressure applied; others by a combination of heat

and pressure; and still others by pressure alone, with no external heat supplied. Among various

joining methods, welding is the most popular and most commonly employed operation to join

materials. Welding involves localized coalescence of two parts at their faying surfaces. The faying

surfaces are the surfaces of the parts that are to be joined, and are in contact or close proximity.

Welding is usually performed on parts made of the same metal, but some welding operations can

be used to join dissimilar metals and/or non-metals. Though joining is an old process, it is still

very much a live research field considering new technologies and advances in the characterization of

welded joints. Some 50 different types of welding operations have been cataloged by the American

Welding Society (AWS). However, the list of the joining processes is expanding continuously with the

new processes developed around the globe.

This Special Issue of Metals includes technical and review papers on, but not limited to, different

aspects of joining and welding, including welding technologies (i.e., fusion-based welding and

solid-state welding), characterization, metallurgy and materials science, quality control, design, and

numerical simulation. This Special Issue also includes the joining of different materials, including

metal and non-metals (polymers and composites). This Special Issue includes 17 peer-reviewed

papers from several researchers all around the globe (China, Germany, Brazil, South Korea, Slovakia,

USA, Taiwan, Canada, and India). To date (April 2020), the papers in this Special Issue have been cited

47 times by other researchers, which reflects the high quality of the published papers in this issue.

This Special Issue includes a large diversity of various subjects in the field of joining: laser

welding, friction stir welding, diffusion bonding, multipass welding, rotary friction welding, friction

bit joining, adhesive bonding, weld bonding, simulation and experimentation, metal/FRP joints,

welding simulation, plasma–TIG coupled arc welding, liquation cracking, soldering, resin bonding,

microstructural characteristics, brazing, and friction stir butt and scarf welding. This large variety

of papers covers different areas related to the science of joining and welding, in which significant

research results are shared and may be used by anyone with an interest in these fields.

I would like to sincerely thank all the researchers, from all around the world, who contributed to

this Special Issue for their high-quality research representing a great contribution to the field. I hope

this Special Issue enhances our knowledge and understanding in the field of joining and assembly

and serves as a reliable reference for students, researchers, and engineers working in this field.

Meysam Haghshenas

Special Issue Editor
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Mechanical and Microstructural Investigations of the
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Abstract: Tailor welded blanks (TWB) represent an anisotropic and non-homogenous material.
The knowledge of the mechanical properties and microstructure of the fusion zone and heat-affected
zone (HAZ) obtained with laser welding is essential to ensure the reliability of the process. In this
paper, laser-welded hot-dip Zn-coated low carbon microalloyed steels with different thickness
and mechanical properties were used. The mechanical properties of the laser-welded blanks were
determined by tensile tests and formability by Erichsen cupping tests. In addition, the pore formation
during the laser welding process was analyzed. The microstructural analysis confirmed the formation
of the favorable structure of the weld metal and the heat-affected zone without the presence of
martensite. The obtained results showed that it is possible to produce TWBs with suitable mechanical
properties by laser welding.

Keywords: tailor welded blanks; laser welding; Zn-coated low carbon microalloyed steels;
microstructure; pores

1. Introduction

Laser beam welding is very flexible because welds can be made in continuous and complex
shapes, can be performed at relatively high travel welding speeds, and can achieve deeply penetrated
welds. Tailor welded blanks (TWB) are blanks that have been manufactured from sheets with similar
or different thicknesses by a welding process. The differences in the material within a TWB can be
in the thickness, grade, or coating of the material, e.g., galvanized versus ungalvanized. Weight and
production cost-reducing automotive body design are achieved by using laser butt welded semi
products such as tailored blanks made of steel or combined materials. The laser is preferred for
welding owing to the high speed of the process, low distortion due to the small heat-affected zone,
the manufacturing flexibility, and the ease of automation [1–5].

Designers are able to tailor the location in the blank where specific material properties are desired
when creating a TWB. This trend of welding and forming of sheet-metal pieces allows notable flexibility
in product design, structural stiffness, and crash behavior (crashworthiness).

The laser-welding of zinc-coated steel sheets is often used in the automotive industry. A major
problem that arises when welding these materials is associated with the vaporization temperature of
zinc (906 ◦C), which is much lower than the melting temperature of steel (1530 ◦C). The laser-welding
of galvanized steel sheets in the thickness range of 0.6–1.5 mm is largely performed in the automotive
industry for tailored blank welding applications [6–9].

Low carbon microalloyed steel sheets have long been a commonly-used material in consumer
industries because it can be stamped into inexpensive parts with complicated shapes at very high

Metals 2019, 9, 91; doi:10.3390/met9010091 www.mdpi.com/journal/metals1
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production rates [10]. Interstitial-free (IF) steel sheets are the most frequently used sheet material for
complex automotive applications due to their superior formability [11–15].

Previous studies and research have identified the factors that have an important effect on the
strength of the laser beam-welded joints. These are the laser power (P), welding speed (S), and focal
position (F), which were considered to be the factors influencing the Erichsen cupping test results and
the microstructure of specimens [1,2,16].

Some important evaluated factors of TWBs are material property changes to welds made of
different combinations of microalloyed steel sheets and changes of non-uniform deformation because
of the differences in thickness, properties, and surface characteristics with respect to the application of
the load.

This investigation addressed three types of galvanized automotive steel sheets, namely:
1. DX54D+Z (EN10346:2015)—interstitial-free (IF) steel sheets appropriate for galvanizing and

annealing to produce specialized steel sheets required for automotive body manufacturing. IF steel
sheets are free from carbide precipitates at the grain boundaries.

2. DX53D+Z (EN10346:2015)—low carbon steel sheets, where the microstructure is ferrite–pearlite
with polyedric ferrite grains and sporadically precipitated deformed pearlite. Hot-dip galvanized
sheets made of drawing grades are suitable for cold forming and deep-drawing. The sheets are used
for the production of automobile parts, appliances, in the building industry, and for production of
profiles, corrugated sheets, roof coverings, and engineering.

3. ZStE260Z (SEW 093/87)—the ferritic microstructure cementite is precipitated in ferrite grains.
The structure is fine-grained.

The present work focuses on the characterization of the butt joint of low carbon galvanized steel
sheets finished by laser welding. The influence of the laser welding on the microstructure, phase
transformations, hardness, mechanical strength, and work hardening behavior is also investigated.
The novelty of the paper concerns the evaluation of the special combinations of Zn-coated steel
sheets (TWBs). The combination of materials labeled TWB1 and TWB2 has been requested by the
manufacturer of tested materials for intended use in laser welding and has potential for applications in
the automotive industry.

2. Materials and Methods

2.1. Materials

The experiments were conducted on zinc-coated steels. Three types of galvanized steel sheets in
the thickness range of 0.8 to 1.75 mm with differential mechanical properties were used for tailored
blank welding (TWB) applications and marked as TWB1 and TWB2 (see Tables 1 and 2). For the
experiment, combinations of hot-dip zinc coated low carbon steel sheet DX53D+Z (deep drawing
quality sheet steel for cold forming according to EN 10327) with DX54D+Z interstitial-free (IF) steel
sheets marked as TWB1 were used. The second combination, marked as TWB2, consisted of low
carbon microalloyed steel sheets DX53D+Z in combination with ZStE260Z. The chemical compositions
and thicknesses of TWB1 and TWB2 are shown in Tables 1 and 2.

Table 1. Chemical composition and thickness of TWB1.

Material
Thickness Chemical Composition TWB1 (%)

(mm) Cmax Mnmax Pmax Smax Simax Al Ti Nbmax Nmax

DX54D+Z (IF) 0.80 0.015 0.20 0.015 0.015 – 0.02 0.06–0.14 – 0.006
DX53D+Z 1.00 0.04 0.20 0.015 0.012 0.01 0.03–0.06 – – 0.006
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Table 2. Chemical composition and thickness of TWB2.

Material
Thickness Chemical Composition TWB2 (%)

(mm) Cmax Mnmax Pmax Smax Simax Al Ti Nbmax Nmax

DX53D+Z 1.75 0.04 0.20 0.015 0.012 0.01 0.03–0.06 – – 0.006
ZStE260Z 1.30 0.10 0.60 0.025 0.008 0.04 0.015 0.04 0.02–0.035 –

2.2. Process Parameters of Laser Welding

A CO2 laser with a nominal power of 5 kW was used for laser welding. The CO2 laser parameters
were: wavelength—10.6 mm; power range—500 W to 5000 W; output stability—+2%; diameter of
output beam—13 mm; mode—TEMoo; divergence—1.5 mrad; point stability—3.35 mrad; pulsing—up
to 1 kHz; and horizontal beam polarization. In order to avoid accidental misalignment or movement
during laser welding, a welding sample fixture was used to ensure stable and consistent experimental
tests. Welding was carried out without gaps [17,18]. During welding, gas argon was used as the
shielding gas. The butt weld was processed with full penetration on the sheet steels of uniform
thickness. The welding parameters that were set are shown in Table 3.

Table 3. Welding parameters.

LBW Parameters TWB1 TWB2

Laser power (P) (kW) 2.5 2.9
Welding speed (s) (mm·s−1) 45 45

Shielding gas pressure (P) (MPa) 0.2 Ar 0.2 Ar
Focal position (F) (mm) 0 0

2.3. Metallography and Hardness Testing

Samples for metallographic examination were cut from each of the TWBs and prepared following
standard procedures. Polished specimens were etched using 3% Nital and the microstructures viewed
under the Carl Zeiss Jena NEOPHOT 32 optical microscope. These analyses were focused to study the
microstructure in the fusion zone (FZ), heat-affected zone (HAZ), and base metal (BM).

One of the most-commonly used techniques to determine the mechanical properties in the welding
zone is microhardness measurement. The microhardness of the base materials and welding joints
were analyzed by SHIMADZU–DUH 202, Japan, Indenter VICKERS (diamant), using a load of 98 mN
(10 gf). The Vickers hardness test was performed according to ISO 6507. The hardness was measured
3–5 times in each area, and the average value was taken as the test result.

2.4. Tensile Tests and Formability

The dimensions of the tailor welded sheet metals were 250 mm × 250 mm. The shaped specimens
were cut out perpendicular to the weld line from welded blanks. All the specimens were machined
carefully with the centerlines of the weld zone and the specimen being coincident, as illustrated in
Figure 1. The aim of the tensile tests was to evaluate the strength and plasticity of welding joints and/or
examine the influence of welding defects on the joint performance. The tensile test was performed
on a universal testing machine ZWICK 50 according to EN 895 and EN ISO 6892-1:2016. Standard
tensile characteristics include yield stress (YS), ultimate tensile strength (UTS), and percent over
elongation at break (ductility). The YS, UTS, and elongation to fracture of the BM as well as TWB were
evaluated [19–23]. In the calculation of the stress-strain diagram of the TWB samples, the thickness of
the thinner sheet was considered as the initial thickness. Cracking of the sample was not observed in
the FZ or HAZ, but on the side of the material with lower mechanical properties or lower thickness [24].

The Erichsen cupping test, one of the conventional formability test methods, was used to evaluate
the welded blank formability. Specimens for the Erichsen cupping test were prepared according to
ISO 20482.

3
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Figure 1. Shape and dimensions of the welded specimen (tension perpendicular to weld plane)
(Unit: mm).

3. Results and Discussion

3.1. Microstructure Characterization of the Laser Welding Joints

The mechanical properties obtained in different welding zones are a function of the microstructure.
To understand the welding behavior, it is helpful to examine the microstructure of the base materials
and welded joints [25,26]. Analyses of the microstructure in the fusion zone (FZ), heat-affected zone
(HAZ), and base metal (BM) for all specimens were performed. An overall cross-section photo of the
microstructure of laser-welded steel sheets (DX54D+Z—0.8 mm/DX53D+Z—1.0 mm) marked as TWB1
is seen in Figure 2. The overall top width of the weld was approx. 0.7 mm, the bottom of the weld was
0.8 mm, the HAZ (DX54D+Z) was approx. 0.3 mm, and width of the HAZ (DX53D+Z) was approx.
0.4 mm (see Figure 2).

 
(a) (b) 

Figure 2. Micrographs of the TWB1 laser-welded specimens: (a) the pore in central area of FZ, (b) the
pore near HAZ.

The transition zone FZ/BM was smooth, without micropores and notches. The weld metal contains
multiple pores or cavities. The top and bottom of the weld have a smooth transition between sheets
of different thicknesses. More detailed microstructures of the TWB1 laser-welded joint are shown in
Figure 3a–e.

Figure 3a FZ: the ferritic-bainite microstructure, pearlite sporadically precipitated as untransformed
pearlite (the presence of the cavity was observed).

Figure 3b HAZ: DX54D+Z (IF); ferritic-cementite microstructure is in the area of high temperature
overheating of the base material, with a singularly formed bainite, and in the AC1–AC3 temperature
range the ferritic-cementite microstructure is with uniquely precipitated carbides.

Figure 3c HAZ: DX53D+Z; the ferritic-pearlitic microstructure in the area of high overheating of the
base material with a singularly formed bainite; in the AC1–AC3 temperature range the microstructure
is ferritic-pearlitic with deformed pearlite, and ferrite has enlarged grains.

Figure 3d BM: DX54D+Z; the ferritic microstructure with a uniquely precipitated cementite.
Figure 3e BM: DX53D+Z; ferritic–pearlite microstructure with polyedric (quasi-equiaxed) ferrite

grains and sporadically precipitated deformed pearlite.

4
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Figure 3. Microstructure of TWB1. (a) Fusion zone (FZ) (DX54D+Z/DX53D+Z); (b) Heat-affected zone
(HAZ) (DX54D+Z); (c) HAZ (DX53D+Z); (d) Base metal (BM) (DX54D+Z); (e) BM (DX53D+Z).

Similar analyses for the TWB2 laser-welded specimens were performed. A photo of the microstructure
of laser-welded steel sheets (ZStE260Z, 1.3 mm/DX53D+Z, 1.75 mm) marked as TWB2 is seen in
Figure 4. The overall width of the top of the weld was approx. 1.0 mm, the bottom of the weld was
0.6 mm, and width of the HAZ (DX53D+Z) was approx. 0.6 mm, and the HAZ (ZStE260Z) was 0.6 mm
(See in Figure 4).

 
Figure 4. Micrograph of the TWB2 specimen.

The microstructure of the TWB2 laser-welded joint are shown in Figure 5a–e.

5
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Figure 5. Microstructure of TWB2. (a) FZ (DX53D+Z/ZStE260Z); (b) HAZ (DX53D+Z); (c) HAZ
(ZStE260Z); (d) BM (DX53D+Z); (e) BM (ZStE260Z).

Figure 5a FM: Weld metal; the bainitic-ferritic microstructure with acicular ferrite.
Figure 5b HAZ: DX53D; the ferritic-pearlite microstructure in the area of high temperature

overheating of the base material with a singularly precipitated bainite; in the AC1–AC3 temperature
range is a ferritic-pearlite microstructure with deformed pearlite and enlarged ferrite grains.

Figure 5c HAZ: ZStE260Z; the ferritic-bainitic-pearlitic microstructure in the area of high
temperature overheating of the base material; in the AC1–AC3 temperature range is a ferritic-pearlite
microstructure with enlarged ferrite grains and deformed pearlite.

Figure 5d BM: DX53D+Z; the ferritic-pearlite microstructure with polyedric ferrite grains and
sporadically precipitated deformed pearlite.

Figure 5e BM: ZStE260Z; the ferritic microstructure, cementite is precipitated in ferrite grains.
The structure is fine-grained.

The microstructure of TWB1 and TWB2 did not show any evidence of the excessive root penetration
of the welds. In the HAZ, the grain thickness was slightly increased. For the microalloyed steel,
pearlite and bainite were precipitated in the HAZ, and bainite was precipitated in the low carbon steel.

3.2. Analysis of the Microhardness

The microstructure hardness was measured in the base metal (BM), heat-affected zone (HAZ),
and fusion zone (FZ). The microhardness distribution in the base metal, heat-affected zone, and fusion
zone were measured for TWB1a and TWB2. In Figure 6 (TWB1) and Figure 7 (TWB2) marks represent

6
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the hardness testing position in the base metal zone, heat-affected zone, and fusion zone, respectively.
The average values of HV0.5 microhardness and standard deviation (Stdev) for each material are
shown in Figure 6.

Figure 6. Microhardness distribution of TWB1.

Figure 7. Microhardness distribution of TWB2.

The microhardness of the HAZ in DX53D+Z steel increased up to 112 HV and in the DX54Z+Z
steel it increased up to 125 HV. The widths of the HAZ and FZ in the welded joints were similar.
The higher microhardness of the FZ can be explained by the presence of bainite in the microstructure.

The ZStE260 material contains a larger amount of pearlite and a certain amount of cementite,
which explains the higher microhardness in the HAZ up to 160 HV (Figure 7). Figures 6 and 7 show
that the microhardness in the FZ of the welded joints was similar.

3.3. Results of the Tensile and Formability Tests

One of the aims of a tensile test is to evaluate the strength and plasticity of welding joints and
examine the influence of welding defects on the joint performance [27]. Figures 8 and 9 show the
results of the mechanical properties of the base materials (thinner blanks) and TWB welded joints.

7
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(a) (b) 

Figure 8. (a) The yield stress, tensile strength, and elongation of the base materials and TWB1; (b) the
stress–strain curves of the base materials and TWB1.

  
(a) (b) 

Figure 9. (a) The yield stress, tensile strength, and elongation of the base materials and TWB2; (b) the
stress–strain curves of the base materials and TWB2.

The elongation of the welded joints decreased with the increased hardness of the welds. It was
observed that the fracture occurred in the thinner/weaker material, but not in the weld, as shown in
Figure 10.

 
(a) 

 
(b) 

Figure 10. The TWB samples after tensile tests: (a) TWB1, (b) TWB2.

The failure occurred in the thinner sheet metal for both TWBs, which conforms with the
literature [28–31]. A number of studies showed that increasing the thickness and/or strength ratios
decreases the formability of the TWBs [29–31]. A larger thickness ratio forces more deformation
into the weaker material and the strain is concentrated there, which results in premature failure.
During deformation, the thinner material undergoes plastic deformation, whereas the thicker material
undergoes primarily elastic deformation. An increase in the strength ratios has a similar effect
on the failure mode as the thickness ratio, whereby the weaker material deforms more and fails
first. In addition, due to non-uniform deformation, the weld line also tends to move towards the
thicker/stronger materials.
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The obtained results indicated that the microhardness of the weld zone was higher than the
microhardness of the base sheets. This shows that the thinner blank is dominant in the overall
deformation behavior. The thinner blank is the one that will decide the properties of the whole TWB.
The thicker blank behaves as a rigid support to the thinner blank [32,33].

The Erichsen cupping test value of the base materials and TWB1 is shown in Figure 11. From the
tested samples, the highest cup depth of 11.35 mm was obtained.

Figure 11. The Erichsen cupping test value of the base materials and TWB1.

The crack spread in a circular shape along the weld. On TWB1, the crack was initiated outside of
the HAZ, despite internal defects in the weld (Figure 3). Figure 12a shows the initiation of the failure
in base material DX54Z+Z and propagation transverse to the weld line into the base metal DX53D+Z.
Figure 12b shows a ductile fracture of the base material DX54D. From the measured microhardness
values, we can see that the laser welding caused material hardening.

Figure 12. Failure of TWB1 after the Erichsen test. (a) The initiation and propagation of the failure.
(b) Fracture surface.

The presence of defects in the welded joint could be affected by the improper machining of the
welding edges and degreasing. The concentration of large amounts of energy during laser welding
vaporizes the burrs after cutting, as well as impurities and grease on the surface of the sheet. The vapors
from zinc coating as well as impurities get into the weld metal and remain blocked due to rapid cooling.
The pore formation was identified on the bottom of weld for TWB1 (Figures 12 and 13a,b). The Energy
Dispersive X-ray Analysis (EDX) analysis of the pore in TWB1 is shown in Figure 13c.
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(a) (b) (c) 

Figure 13. Laser weld line on TWB1 with a pore: (a) Pore formation in the weld, (b) A detailed view of
the pore, (c) EDX analysis of the pore in the TWB1 sample.

It was found that thin sheets are more sensitive to the welding parameters, surface cleanness,
and preparation of edges. The bubbles showed mixed behavior, indicating that the capillary is partly
filled with zinc vapor and partly with ambient gas. Figure 14b shows the SEM of the cross–section of the
TWB1 weld with the internal pore. Figure 14a,c shows the results of the EDX analysis. The advantage of
the EDX analysis, in this case, is the exact identification of the chemical composition of each compound
in the pore. This will contribute to the search for the source of the pore formation. The porosity in
the TWBs could be due to various causes, e.g., keyhole instability, improper gas shielding, surface
contamination, improper edge preparation, and the improper setting of welding parameters. The setting
of the laser power affects the evaporation of the substrate and creates a good key effect. This creates an
opening that can pump high-pressure zinc gas and reduce the risk of explosion.

(a) (b) (c)

Figure 14. Cross-section through the TWB1pore. (a) EDX analysis of the pore; (b) SEM of the
cross-section; (c) EDX analysis of the edge of the pore.

The Erichsen cupping test value of the base materials and TWB2 is shown in Figure 15. The base
material ZStE260, with a thickness of 1.3 mm, showed a circular-shaped crack. In TWB2 specimens,
the crack was of circular shape, and failure occurred a sufficient distance from the weld in the thinner
sheet metal.

10
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Figure 15. The Erichsen cupping test value of the base materials and TWB2.

4. Conclusions

The laser beam welding process and its effects of the on the quality of the welded joints
were analyzed on microalloyed, high-strength, Zn-coated steels with different thicknesses (0.8 and
1.0 mm/TWB1 and 1.3 and 1. 75 mm/TWB2). The microstructure and mechanical properties of the
laser-welded butt joints were investigated. The main results are summarized as follows:

i. The good weldability of microalloyed high-strength, Zn-coated steels was confirmed.
ii. In the microhardness test, hardness peaks were found in the weld metal. There was no evidence

of martensite in the HAZ or the weld metal. For microalloyed steel, pearlite and bainite were
precipitated in the HAZ, and bainite was precipitated in the low carbon steel. In all the TWBs,
the FZ was predominantly formed by ferritic structures, with some grains of low-carbon bainite.

iii. A change in the mechanical properties of the welded joints and the base materials of the TWB
was observed. A decrease of the ductility of both the TWB1 and TWB2 can be related to the
heat-affected welding zone due to hardening. The thickness ratio and strength ratio had an
effect on the failure, whereby the weaker material (low thickness, lower mechanical properties)
deformed more and failed first. A larger thickness ratio forced more deformation into the
weaker material and the strain was concentrated there, which resulted in premature failure.

iv. During the Erichsen test for TWB1, a failure was initiated in the DX54Z+Z base material and
its propagation was perpendicular to the weld line. In the TWB2 specimens, the crack was of
a circular shape, and the failure occurred a sufficient distance from the weld in the thinner
sheet metal.

v. The possible causes of porosity in the laser welds of hot-dip, Zn-coated, low carbon, microalloyed
steel sheets were keyhole instability, improper gas shielding, surface contamination, improper
edge preparation, and the improper setting of welding parameters.

vi. The tensile tests showed lower sensitivity to the detected defect bands. The pores did not have
a detrimental effect on the tensile properties of the welded joint, which may be due to the high
strength of the fusion zone, which effectively protects the defective weld zone. The strong
weld retained the defect and prevented it from spreading. The Erichsen test showed higher
sensitivity in the presence of pores.

vii. The preparation of thinner sheets for welding required consistent weld surface finishing as
well as sheet metal fitting. It was found that the thin sheets were more sensitive to welding
parameters, surface cleanness, and preparation of edges.

Based on the experimental results, it can be stated that laser-welded blanks designed to produce
parts exposed to plastic deformations require quality joints that do not complicate the stamping
process. Laser welding is both an instrumentally and technically demanding method, so it is suitable
for large-scale production. The problems of setting the right welding parameters and reproducible
welding positioning affect the final weld quality.
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Abstract: Producing joints of aluminum and copper by means of fusion welding is a challenging task.
However, the results of various studies have proven the potential of friction stir welding (FSW) for
manufacturing aluminum-copper joints. Despite the proven feasibility, there is currently no series
application in automotive industry to produce aluminum-copper joints for electrical contacts by
means of FSW. To make FSW as efficient as possible for large-scale production, maximized welding
speed is desired. Taking this into account, this paper presents results of a parametric investigation,
the objective of which was to increase the welding speed for FSW of aluminum and copper in
comparison to welding speeds that are considered to be state of the art. Taguchi method was used
to design an experimental plan and target figures of the investigations were the resultant tensile
strengths and electrical resistances. Dependencies between input parameters and target figures were
determined systematically. The optimal welding parameters, at which joints failed in the weaker
aluminum material, included a welding speed of 700 mm/min. Consequently, it could be shown that
joints with a performance similar to those of the base materials can be obtained using significantly
higher welding speeds than reported in the relevant literature.

Keywords: friction stir welding; aluminum; copper; dissimilar joints; design of experiments; taguchi
design; mechanical properties; electrical properties

1. Introduction

Excellent electrical and thermal conductivity combined with high ductility, creep resistance and
corrosion resistance are the reasons for copper materials being considered to be state of the art in
current-carrying components for automotive applications. However, using copper is disadvantageous
regarding the high procurement costs and the high material density. Taking this into account, dissimilar
aluminum-copper joints represent a solution with great potential for weight and cost-optimized
conductors [1,2]. In order to produce joints for electrical contacts, it is well-known that firmly bonded
joining is preferred to interlocking and force-locking joining techniques, due to better electrical
performance of the joint [3]. However, joining aluminum and copper is a challenging task by means of
conventional fusion welding. Different melting temperatures of the base materials, the high thermal
conductivities, and the low mutual solubility, which leads to the formation of brittle intermetallic
phases, make it difficult to achieve sound welds [4]. Instead, joining processes in which the formation
of a melt is avoided are receiving much interest [5]. Friction stir welding (FSW) also belongs to these
so-called solid state joining techniques and various authors report on the suitability of this process for
joining aluminum and copper materials [2,6–10].
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FSW was developed and patented in 1991 by Thomas et al. [11]. In order to perform a firmly
bonded joint, this process uses a non-consumable tool, which typically consists of a shoulder and a pin.
This rotating tool is pressed into the joint gap and then traversed along the joint line. As a result of tool
rotation and feed, the two joining partners are plasticized and stirred [12].

Most studies carried out in the field of FSW of aluminum and copper provide proof of
feasibility and focus on the influence of tool and process parameters on the resulting mechanical
and microstructural joint properties. Important findings have been obtained through the work of
Xue et al. [9] and Akinlabi [7]. These authors inform unanimously on the importance of positioning
the harder copper material on the advancing side (AS) and the softer aluminum workpiece on the
retreating side (RS) in order to manufacture sound welds free of defects. Moreover, a lateral offset
towards the softer aluminum material is recommended to improve the material flow, and thus, the
weld quality. Further publications on FSW of aluminum and copper are summarized in Table 1. All of
these literature references report on the successful joining of aluminum and copper using FSW.

Table 1. Overview of previous studies on dissimilar FSW of aluminum and copper.

Reference Sheet Metals
Thickness

(mm)
Test Parameters

Target Figure/Object of
Investigation

Recommended Traverse
Speed (mm/min), Tool
Rotation Speed (rpm),

n/v-Ratio (1/mm)

[2] AW1350/Cu 3 - Joint strength Hardness
Microstructure 80, 1000, 12.5

[9] AW1060/Cu 5
Rotation speed

Positioning AS/RS
Offset

Defect-free welds Joint
strength 100, 1000, 10

[13] AW1050/Cu 3 Rotation speed
Traverse speed

Joint strength Hardness
Microstructure 50–100, 1200–1400, 12–28

[14] AW5083/CW024 1 Tool shoulder type Microstructure 160–250, 760–1000, 3–6.25

[15] AW1100/Cu 6 Traverse speed Joint strength
Microstructure 80, 1075, 13.43

[16] AW6061/Cu 12.7 Traverse speed
Rotation speed

Temperature distribution
Microstructure 95, 914, 9.62

[17] AW1060/Cu 3 Traverse speed
Rotation speed

Joint strength Hardness
Microstructure 30, 1050, 35

Despite the proven potential, as far as the authors of this study know, there is currently no series
application in the automotive industry to produce aluminum-copper joints for electrical contacts by
means of FSW. In order to achieve this, there are several aspects that require further investigation.
This study addresses a research questions that is of particular relevance to the use of FSW for the
production of aluminum-copper joints in the automotive industry. As can be seen in Table 1, FSW in
previous research studies has been conducted at relatively low welding speeds. The objective of this
work is to determine a significantly higher welding speed than in published studies, at which butt
welds with excellent mechanical and electrical performance can be manufactured in order to make the
FSW process as efficient as possible for large-scale production.

2. Materials and Methods

The applied materials in this study were EN AW-1050A and EN CW004A. Table 2 shows the
chemical compositions of both materials, which were taken from the material supplier. The dimensions
of the blanks were 160 mm, 100 mm, and 3 mm (length, width, thickness). The FSW experiments
were performed on a PTG Powerstir portal system (PTG Heavy Industries Ltd, West Yorkshire, UK)
in position-controlled operation. The clamping setup used for fixation of the blanks is shown in
Figure 1. The FSW tool used for the welding tests was made of heat treated steel (X40CrMoV5-1) and
consisted of a flat shoulder with a diameter of 18 mm and an unthreaded pin with a diameter of 6 mm.
The length of the variably adjustable pin was set to 2.9 mm. All the friction stir welds produced within
this study had a length of 120 mm.
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Table 2. Chemical compositions of the applied base materials [18,19].

Materials Al Fe Si Mn Mg Zn Ti Pb O Bi Cu

EN AW-1050A ≥99.50 ≤0.40 ≤0.25 ≤0.05 ≤0.05 ≤0.07 ≤0.05 - - - ≤0.05
EN CW004a - - - - - - - ≤0.005 ≤0.04 ≤0.0005 ≥99.90

Figure 1. Clamping setup used for FSW experiments.

In order to increase the welding speed in comparison to published studies in the field of Al-Cu
FSW, it was necessary to consider a wider parameter window for the parametric investigation. Design
of experiments (DoE) was used to ensure an efficient procedure in terms of test effort and quality of
results. Using the statistics software Minitab 18 (Minitab GmbH, Munich, Germany), an experimental
plan was created. This was a fractional factorial Taguchi L25 design with three factors and five levels.
Taguchi orthogonal plans are known to be suitable for parameter optimization purposes. The process
parameters that were kept constant during the welding tests are listed in Table 3. The plunge depth
and the tool tilt angle were determined based on preliminary tests and were not varied during the
welding tests in order to achieve a complete penetration depth. As recommended by Xue et al. [9] and
Akinlabi [7], the copper workpiece was positioned on the AS throughout the investigations.

Table 3. Constant process parameters for the welding experiments.

Process Parameter

Plunge depth (mm) 2.98
Tool tilt angle (◦) 2

Plunge speed (mm/s) 70
Dwell time (s) 2

The process parameters, hereinafter also referred to as factors, which were varied equidistantly
during the parametric investigation, are the traverse speed (factor 1), the tool rotation speed (factor
2), and the offset towards the aluminum side (factor 3). The structure of the Taguchi L25 design with
25 individual experiments is shown in Table 4, and the levels for each process parameter are listed in
Table 5. For statistical purposes, three samples were welded for each factor-level combination.

Table 4. Structure of Taguchi L25 design with three factors and five levels.

Experiment 1 2 3 4 5 6 7 8 9 10 11 12 13 14 15 16 17 18 19 20 21 22 23 24 25

Level

Factor 1 1 1 1 1 1 2 2 2 2 2 3 3 3 3 3 4 4 4 4 4 5 5 5 5 5
Factor 2 1 2 3 4 5 1 2 3 4 5 1 2 3 4 5 1 2 3 4 5 1 2 3 4 5
Factor 3 1 2 3 4 5 2 3 4 5 1 3 4 5 1 2 4 5 1 2 3 5 1 2 3 4
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Table 5. Factors and their levels.

Factor Level

1 2 3 4 5
Traverse speed (mm/min) 500 700 900 1100 1300
Tool rotation speed (rpm) 200 300 400 500 600

Offset (mm) 1.4 1.8 2.2 2.6 3.0

The evaluation of joint quality for the individual factor-level combinations was carried out
by means of tensile testing and electrical resistance measurement. Moreover, hardness tests and
metallographic analyses were performed on selected samples by digital microscopy and scanning
electron microscopy (SEM) to assess the quality of the welds.

The tensile tests were conducted according to DIN EN ISO 25239-5 [20] by the test machine Zwick
Z100 (Zwick GmbH & Co. KG, Ulm, Germany) at an operating speed of 10 mm/min. Transversal
sections of the friction stir welds were detached by water jet cutting for evaluation of the mechanical
joint properties. In order to avoid excessive material consumption, a distance of 20 mm from the
plunging spot has been set for detaching the samples. This distance deviates from the 50 mm specified
in DIN EN ISO 25239-5 [20]. The shape of the samples for tensile testing accorded with DIN EN ISO
4136 [21]. In addition to the friction stir welds, five samples each of the respective base materials were
tensile tested.

For analyzing the electrical joint properties, the four point resistance measurement setup that
is shown in Figure 2 was applied. This setup consists of the Micro-Ohmmeter MR5-600 (Schuetz
Messtechnik GmbH, Teltow, Germany) and a clamping device that was designed for the rectangular
samples with widths of 40 mm and lengths of 190 mm. A test current of 200 A was chosen and the
measuring tips had a distance of 30 mm. The used setup allowed the measurement of the electrical
resistance of the weld seam and the respective base materials simultaneously. The electrical resistance
of the copper base material was measured via measuring tips 1 and 2, and the aluminum base material
was analyzed via measuring tips 3 and 4. The welded area was positioned between tips 2 and 3.
For each of the three areas ten values were recorded that were averaged subsequently.

 
Figure 2. Four point resistance measurement setup.

The samples for digital microscopy were prepared using the standard metallographic procedures.
After mounting, the samples were ground using 1200 SiC abrasive paper and then polished using 1 μm
aluminum oxide suspension and 50 nm colloidal silica suspension. Grinding and polishing were done
manually to avoid the shifting of aluminum particles into the copper side and vice versa. A digital
microscope VHX-2000 (Keyence Deutschland GmbH, Neu-Isenburg, Germany) was used to analyze
the metallographic features of the friction stir welds.

The samples for scanning electron microscopy were mounted, ground with 1200 and 2400 SiC
abrasive papers, and then polished with 6 μm, 3 μm, and 1 μm diamond suspension. This procedure
prevented topographical differences at the Al-Cu interfaces, so that the relevant areas could be analyzed
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properly. Scanning electron microscope model Scios (Field Electron and Ion Company, Hillsboro, OH,
USA) was used for further analysis of the Al-Cu interfaces by means of backscattered electrons (BSE).

Vickers hardness tests were carried out using the Leco AMH-43 test device (Leco Corporation,
Saint Joseph, MO, USA) with a test load of 0.1 kp.

Once the optimal FSW parameters had been determined, the scalability of the results was tested.
Since the ratio of tool rotation speed to traverse speed is a key figure for the heat input in FSW, these
parameters were scaled up, while the optimal ratio that was determined through the parametric
investigation was kept constant. The motivation for these experiments was a further increase in
welding speed.

In order to be able to compare the properties of the friction stir welds to those of the respective
base materials, the base materials are characterized at first. Five tensile specimens were tested per
base material. Moreover, the electrical properties of the base materials were analyzed using the four
point resistance measurement method. The measured values of the 75 samples from the parametric
investigation were used for both base materials.

The last part of this section describes the labelling of the samples. Table 6 includes all the
different variants.

Table 6. Tabular list of material and specimen labeling.

Label Description

Al Aluminum base material EN AW-1050A
Cu Copper base material EN CW004A

AlCu Friction stir welds produced as part of the Taguchi experimental plan

AlCuopt
Friction stir welds produced using welding parameters with the optimal ratio

of tool rotation speed to traverse speed

3. Results and Discussion

3.1. Mechanical and Electrical Properties of the Base Materials

Table 7 provides an overview on the mean values and standard deviations of the tensile strengths
and the electrical resistances of the base materials used.

Table 7. Tensile strength and electrical resistance of the base materials used.

Base Material Tensile Strength (Mpa) Electrical Resistance (μΩ)

Al 120.69 ± 0.37 7.18 ± 0.12
Cu 238.41 ± 0.24 4.08 ± 0.09

3.2. Mechanical and Electrical Properties of the Al-Cu Friction Stir Welds

The evaluation of the welding experiments for parameter optimization starts with analyzing the
mechanical properties of the friction stir welds for the different factor-level combinations (Figure 3).
The diagram shows that the averaged tensile strength for parameter settings 1, 6, 22, and 23 is at the
level of the aluminum base material. For three of the four parameter combinations mentioned, failure
in all tensile specimens occurred in the weaker aluminum base material, which is always the objective
when welding dissimilar joints. However, it was observed that most specimens failed in the area of the
weld seam. This leads to the conclusion that the parameter window for the production of welds with
optimal tensile strength is relatively small.
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Figure 3. Tensile strengths of the friction stir welds from the Taguchi experimental plan.

In order to be able to compare the heat input between different welds, the ratio between tool
rotation speed and traverse speed (n/v-ratio) will be used in the following. This n/v-ratio indicates
the number of revolutions per mm feed, and thus, allows a rough estimation of the heat input [22].
Low heat input is represented by a low n/v-ratio and a high n/v-ratio stands for high heat input into
the workpieces. Throughout the welding experiments, the n/v-ratio was in a range from 0.15 1/mm to
1.2 1/mm. Taking into account that the n/v-ratios for the parameter settings that lead to the highest
tensile strengths are comparatively low, with values of 0.4 1/mm (AlCu_1), 0.29 1/mm (AlCu_6), 0.23
1/mm (AlCu_22), and 0.31 1/mm (AlCu_23), it can be concluded that cold welding tends to lead to
better mechanical properties.

Figure 3 also shows that the tensile strengths of samples that were produced with parameter
settings AlCu_5, AlCu_9, AlCu_13, AlCu_17, and AlCu_21 are amongst the lowest values. All of
these parameter settings included an offset of 3.0 mm into the aluminum side. Since the tool pin has
a diameter of 6 mm, no scratching of the copper workpiece should have taken place, leading to an
insufficient material mixing. Consequently, the joint strength can only be attributed to an adhesive
bonding of the base materials. In order to follow up this consideration, further examination is given in
Section 3.5 by means of metallographic analyses.

The results of the electrical resistance measurements are given in Figure 4. The diagram shows that
the averaged electrical resistances for the 25 parameter combinations are at a level of approximately
5.7 μΩ. Since this value corresponds to the resistance average of both base materials, it can be
concluded that the mass proportions of aluminum and copper in the joining area are balanced and
that welds with excellent current-carrying behavior have been produced. This observation confirms a
good choice of the considered parameter window for the experimental design.

A comparison of the results for tensile testing with electrical resistance measurements shows that
the electrical resistances are subject to significantly lower deviations than the resultant tensile strength.
Consequently, it is evident that the target figure electrical resistance is more robust against parameter
changes than the tensile strengths of the friction stir welds.
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Figure 4. Electrical resistances of the friction stir welds from the Taguchi experimental plan.

3.3. Analysis of the Taguchi Experimental Plan

After the tensile strengths and the electrical resistances of the friction stir welds from the Taguchi
experimental plan have been compared with each other and initial dependencies have been identified,
the influence of each factor on the respective target figure is presented by the main effect plots in
Figure 5.

 

Figure 5. Main effect plots for mean of tensile strength and mean of electrical resistance.
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From the main effect plots for the target figure tensile strength it can be seen that only the offset has
a steady influence, whereby the tensile strength decreases with larger offsets. In contrast, the traverse
speed and the tool rotation speed do not have a steady effect on the tensile strength. Due to the fact
that the joint properties, and thus, also the tensile strength depend essentially on the heat input and
the associated n/v-ratio during FSW, the effect of the factors traverse speed and tool rotation speed
are difficult to separate from each other clearly. Instead, the interaction of these two factors, which is
expressed by the n/v-ratio, is crucial for the joint quality. Consequently, no clear correlation between
traverse speed and tensile strength or tool rotation speed and tensile strength results from the main
effect plots. However, it should be noted that the most powerful levels for these two parameters
(traverse speed 700 mm/min and tool rotation speed 400 rpm) result in a n/v-ratio of 0.57 1/mm.
This value is relatively low compared to the highest n/v-ratio from the Taguchi experimental plan
(1.2 1/mm). Hence, the observation that relatively cold welds achieve better tensile strengths could be
confirmed by the main effect plots.

In accordance with the main effect plots for the target figure tensile strength, the main effect plots
for the mean of electrical resistance also show a steady influence from the offset and an unsteady
influence from the factors traverse speed and tool rotation speed. In addition, it can be seen that for all
three factors the courses for the tensile strength are nearly contrary to those for the electrical resistance.
Since each tensile strength maximum results in a minimum electrical resistance, the following optimal
welding parameters can be considered to maximize the tensile strength, and at the same time minimize
the electrical resistance of the friction stir welds.

• Traverse speed: 700 mm/min
• Tool rotation speed: 400 rpm
• Offset 1.4 mm:

3.4. Scaling of Optimal Welding Parameters

In order to verify the optimal welding parameters to maximize the tensile strength and minimize
the electrical resistance, which were determined by the analysis of the Taguchi experimental plan,
welding tests were carried out using these parameter settings. Since the aim of the parametric
investigation is to maximize the welding speed, further welding experiments were performed.
Therefore, the factors traverse speed and tool rotation speed were scaled up, while maintaining
the n/v-ratio of 0.57 1/mm and using a constant offset of 1.4 mm. Table 8 gives an overview on the
parameter combinations used. Three welds were produced per parameter setting.

Table 8. Parameter combinations for welding experiments with optimal n/v-ratio.

Labelling Traverse Speed (mm/min) Tool Rotation Speed (rpm) n/v-ratio (1/mm) Offset (mm)

AlCuopt_1 700 400 0.57 1.4
AlCuopt_2 1000 570 0.57 1.4
AlCuopt_3 1300 741 0.57 1.4
AlCuopt_4 1600 912 0.57 1.4
AlCuopt_5 1900 1083 0.57 1.4
AlCuopt_6 2200 1254 0.57 1.4
AlCuopt_7 2500 1425 0.57 1.4

The tensile strengths and electrical resistances resulting from these parameter settings are
presented in Figure 6. The diagram shows that only parameter combination AlCuopt_1 leads to tensile
strengths on the level of the aluminum base material. The average tensile strength for this parameter set
is even higher, by 1.98 Mpa, than that for the most effective factor-level-combination from the Taguchi
experimental design (AlCu_1). Also, the resulting electrical resistance for parameter combination
AlCuopt_1 is by 0.03 μΩ lower than that for the most low-resistant parameter combination from
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the Taguchi experimental design (AlCu_22). The conclusion is that the optimal welding parameters
determined by the main effect diagrams could be verified.

 
Figure 6. Tensile strengths and electrical resistances for welding experiments with optimal n/v-ratio.

On the other side, it can be seen that scaling up the traverse speed and the tool rotation speed leads
to an almost linear decrease in tensile strength and to an increase in electrical resistance. Therefore,
it is evident that scaling up these parameters is not feasible without a loss in joint quality.

However, based on the welding experiments carried out within this study, it was proved that
significantly higher welding speeds than those specified in the state of the art can be achieved.

3.5. Metallographic Analysis of the Al-Cu Friction Stir Welds and Hardness Testing

In order to be able to understand the observations made in the previous subsections,
metallographic analyses were carried out on selected specimens.

The first objective within this subsection is to explain why welds with lower offset lead to higher
weld quality. Then, it is to be shown why parameter settings that represent lower heat input achieve
friction stir welds with better tensile strengths. In addition, the reduced joint qualities when scaling
up the factors traverse speed and tool rotation speed while maintaining the optimal n/v-ratio will
be discussed.

As could be determined during the evaluation of the mechanical and electrical joint properties
and the analysis of the Taguchi experimental plan, both the tensile strength and the electrical resistance
are clearly dependent on the choice of the offset. Considering the macrostructures shown in Figure 7,
it can be seen that the quantity as well as the size of copper particles stirred into the aluminum side
vary depending on the chosen offset. Furthermore, it can be seen from the figure that with an offset
of 3 mm there was no scratching of the copper through the tool pin. As a result, no copper particles
were stirred into the aluminum side. These findings lead to the conclusion that more intense material
mixing, which is achieved by smaller offsets, leads to better electrical and mechanical properties.
However, it should be said that as shown by Xue et al. [9] and Akinlabi [7], the offset should not be too
small to ensure a beneficial material flow.
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Figure 7. Cross-sectional macrostructures of Al-Cu friction stir welds produced using parameter
settings AlCu_18, AlCu_6, AlCu_7, AlCu_12, AlCu_17.

In order to explain why parameter settings representing lower heat input tend to achieve higher
tensile strengths than hot welds, the formation of intermetallic compounds (IMC) was investigated by
scanning electron microscopy. Backscattered electron (BSE) images from the stir zone were taken for
welds that were performed using parameter combinations AlCu_1 (n/v-ratio 0.4 1/mm), AlCuopt_1
(n/v-ratio 0.57 1/mm), and AlCu_10 (n/v-ratio 0.86 1/mm). These three parameter sets include an
offset of 1.4 mm, and thus, differ only by the heat input. Figure 8 shows that IMC could not be
detected using parameter combination AlCu_1, neither at the Al-Cu interface nor at the copper particle
stirred into the aluminum side. From this it can be concluded that no IMC were formed or that these
phases are too small to be detected by the SEM. Taking into account the BSE images in Figure 9 for
parameter combinations AlCuopt_1 and AlCu_10, it can be seen that at both welds a continuous layer
of IMC was formed at the transition between the examined copper particle to the aluminum matrix.
The average thickness of this layer is 150 nm for the specimen that was welded according to parameter
combination AlCuopt_1 (n/v-ratio 0.57 1/mm) and 265 nm for parameter setting AlCu_10 (n/v-ratio
0.86 1/mm). As a result, a correlation between heat input and resulting intermetallic compound
formation could be observed. This effect was also shown in previous work by Galvão et al. [14] and
Khodir et al. [23]. However, the thickness of the determined IMC layers is so small that an effect of the
IMC formation on the resultant tensile strengths is to be excluded, according to publications by Xue
et al. [10], Khodir et al. [23], and Schmidt [24]. Due to the low thickness of the respective layers formed,
it was not possible to determine an exact composition of the IMC by means of energy dispersive
X-ray spectroscopy.
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(a) (b) 

Figure 8. BSE images of Al-Cu friction stir weld produced with parameter setting AlCu_1:(a) (Al-Cu
interface), (b) Cu-particle.

  
(a) (b) 

Figure 9. (a) BSE images of Al-Cu friction stir welds produced with parameter setting AlCuopt_1
(Cu particle). (b) BSE images of Al-Cu friction stir weld produced with parameter setting AlCu_10
(Cu particle).

For further investigation of the tensile strength differences between parameter sets representing
low or high heat input, Figure 10 shows hardness profiles on cross-sections of welds that were obtained
using parameter settings AlCu_1 (n/v-ratio 0.4 1/mm) and AlCu_10 (n/v-ratio 0.86 1/mm). By means
of hardness testing, process-related hardening or softening of the examined welds can be detected,
so that any occurred strength-reducing microstructural features can be localized. Vickers hardness
of the respective base material was found to be 37.7 HV 0.1 for the aluminum base material and 80.1
HV 0.1 for the copper base material. As shown for parameter setting AlCu_1 (n/v-ratio 0.4 1/mm)
in Figure 10a, both in the stir zone (SZ) and on both sides in the thermo-mechanically affected zone
(TMAZ), there is a significant increase in hardness compared to the respective base materials, with a
hardness peak of 122 HV 0.1 in the SZ. This increase in hardness is to be explained by the effect of work
hardening due to the cold welding parameters. On the other side, for the weld that was obtained using
the parameter combination AlCu_10 (n/v-ratio 0.86 1/mm), the peak hardness values are significantly
lower. Furthermore, a decrease in hardness can be seen in aluminum-sided in the SZ, and the plateau,
on which the copper bulk material undergoes cold hardening, is clearly smaller. Therefore, the effect
of recrystallization seems to dominate here.
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(a) (b) 

Figure 10. Hardness profiles on cross-sections of Al-Cu joints: (a) Produced with parameter setting
AlCu_1; (b) weld produced with parameter setting AlCu_10.

In order to understand how the mechanisms of work hardening and recrystallization affect a
sample produced using the determined optimal parameter combination, the hardness profile shown
in Figure 11 was analyzed. It can be seen that the aluminum material in the TMAZ as well as in
the SZ is slightly hardened compared to the aluminum base material. A hardening of the copper
particles introduced into the aluminum matrix cannot be detected, whereas the plateau, on which
the copper bulk material undergoes cold hardening, is slightly wider than for AlCu_10. Taking into
account parameter combination AlCuopt_1 achieving the highest tensile strength and the lowest
electrical resistance, it is to be concluded that using these parameter settings, the ideal window for
sufficient plasticization of the copper and for avoiding excessively high recrystallization in the SZ
was determined.

 
Figure 11. Hardness profile on cross-section of Al-Cu joint produced with parameter setting AlCuopt_1.

At the end of this subsection, it is aimed to understand why scaling up of the optimal welding
parameters while maintaining the n/v-ratio 0.57 1/mm could not be realized without losses in
mechanical and electrical properties. An explanation for this is provided by the cross-sectional
macrostructures in Figure 12. From the macrostructures, it becomes clear that the number and size of
defects in the welded area increases with increasing traverse speed. While parameter combination
AlCuopt_1 shows a homogeneous distribution of the copper particles without the occurrence of
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cavities or any other defects, parameter setting AlCuopt_4 leads to areas with insufficient bonding and
strength-reducing tunnel defects in the root of the SZ. The parameter set AlCuopt_7 finally leads to
a completely open seam root. From this, it can be concluded that although the tool rotation speed
has been adjusted according to the feed speed, the material transport in the vertical direction has
been reduced with increasing welding speeds. Thus, the plasticized material does not have enough
time to be stirred behind the tool pin and sufficiently compacted by the tool shoulder. The shorter
the time for plasticizing and stirring the materials is, the more the inertia of the joining partners
promotes the formation of defects in the weld. Moreover, as shown by two publications from Lambiase
et al. [25,26], the heat exchange mechanisms during the friction stir welding process need to be
considered. The authors have found that the heat dissipation into the clamping device and the
preheating of material in front of the welding tool vary depending on the traverse speed and the tool
rotation speed. Actually, it is stated that the parameters “traverse speed” and “tool rotation speed”
have a different influence on the heat exchange mechanisms, and thus, on the resulting temperature
in the welding area. Consequently, it is to say that using the n/v-ratio as a heat index allows only
a rough comparison of the heat input between different parameter settings in a limited range of
process parameters.

 
Figure 12. Cross-sectional macrostructures of Al-Cu friction stir welds produced using parameter
settings AlCuopt_1, AlCuopt_4, AlCuopt_7.

4. Conclusions

In this study, a parametric investigation on dissimilar friction stir butt welding of 3 mm thick
aluminum EN AW-1050A and copper EN CW004A was performed, with the objective to maximize the
welding speed at which joints with excellent mechanical and electrical performance can be produced.
After designing a Taguchi experimental plan, welding tests were carried out and dependencies between
input parameters and the target figure tensile strength and electrical resistance were determined.

1. The target figure electrical resistance is more robust against parameter changes than the tensile
strengths of the friction stir welds.

2. It was found that the lowest offset in the considered parameter window (1.4 mm) led to the best
mechanical and electrical properties. Cross-sectional macrostructures have proved that more
intense material mixing when using low offsets improved the performance of the joint.

3. The main effect plots did not show a steady effect of the factors traverse speed and tool rotation
speed on the resultant tensile strength and electrical resistance. Instead, it was shown that the
interaction of these two factors, which was expressed by the n/v-ratio, is crucial for the quality of
the friction stir welds.
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4. It was recognized that cold welds, which were represented by a low n/v-ratio, tended to lead to
better mechanical and electrical properties. This observation could be confirmed by the analysis
of the Taguchi experimental plan.

5. The effect of IMC on the resultant joint properties could be excluded. Instead, the varying tensile
strength when welds were obtained with low or high heat input could be explained by the results
of Vickers hardness testing.

6. It was found that the optimal welding parameters for sufficient plasticization of the copper
and for avoiding excessively high recrystallization in the SZ were traverse speed 700 mm/min,
tool rotation speed 400 rpm, and offset 1.4. Friction stir welds that were manufactured using
this parameter combination failed in the weaker aluminum base material during tensile testing
and achieved an electrical resistance that was exactly between the resistances of the respective
base materials. Scaling up the traverse speed and the tool rotation speed while maintaining the
optimal n/v-ratio of 0.57 1/mm could not be realized without losses in mechanical and electrical
joint properties. However, it could be shown by the investigations carried out that joints with a
performance similar to those of the base materials used can be obtained using significantly higher
welding speeds than reported in the relevant literature.
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FSW Friction stir welding
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Abstract: In this study, reliable Ti2AlNb/high-Nb-containing TiAl alloy (TAN) joints were achieved
by diffusion bonding. The effects of bonding temperature and holding time on the interfacial
microstructure and mechanical properties were fully investigated. The interfacial structure of joints
bonded at various temperatures and holding times was characterized by scanning electron microscopy
(SEM), energy dispersive spectrometer (EDS) and X-ray diffraction (XRD). The results show that the
typical microstructure of the Ti2AlNb substrate/O phase/Al(Nb,Ti)2 + Ti3Al/Ti3Al/TAN substrate
was obtained at 970 ◦C for 60 min under a pressure of 5 MPa. The formation of the O phase was
earlier than the Al(Nb,Ti)2 phase when bonding temperature was relatively low. When bonding
temperature was high enough, the Al(Nb,Ti)2 phase appeared earlier than the O phase. With the
increase of bonding temperature and holding time, the Al(Nb,Ti)2 phase decomposed gradually.
As the same time, continuous O phase layers became discontinuous and the Ti3Al phase coarsened.
The maximum bonding strength of 66.1 MPa was achieved at 970 ◦C for 120 min.

Keywords: Ti2AlNb alloy; TAN alloy; direct diffusion bonding; interfacial microstructure;
mechanical properties

1. Introduction

As new lightweight and high-temperature structure materials, Ti2AlNb alloy and high-Nb-
containing TiAl alloys (abbreviated as TAN alloys) have received significant attention in the aerospace
field [1–3]. The addition of the Nb element gives them excellent properties, such as low density,
high specific strength, favorable oxidation, creep resistance [4], and especially high temperature
properties. The serving temperatures of Ti2AlNb alloys and TAN alloys are 650–700 ◦C and up to 900 ◦C,
respectively [5,6]. Based on the above advantages and their different serving temperatures, the two
alloys have become the most promising candidates for hot-section components with temperature
gradients in aero-engines [7–9]. However, it is difficult to make them into large-scale and complex
components, due to their poor workability [10,11]. Therefore, it is significant and necessary to join
them together, in order to make full use of their respective advantages and extend their applications.

Up to now, fusion welding, friction welding, and brazing have been employed for joining
Ti3Al based alloys or TiAl based alloys. However, defects such as cracks and voids usually
appear in the joints obtained by fusion or friction welding, which can lead to hidden dangers in
practical applications [12–14]. In brazing, the addition of filler can easily introduce impurities [15,16].
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Diffusion bonding, an advanced and efficient method, has been proven to overcome the problems
encountered in the above-mentioned welding techniques [17–19]. Some studies on diffusion bonding
TiAl based alloys using interlayers such as Ni and Ti/Al have been reported [20,21]. In addition,
several researchers have attempted to join Ti2AlNb based alloys by direct diffusion bonding [22,23].
Sound joints were obtained, and the joint strength was almost equal to the substrate strength using this
technique. However, these previous studies mainly focused on joining the same, rather than different
kinds of, Ti-Al based alloys. To date, reports on joining different kinds of Ti-Al based alloys are rare.
Zou et al. [24] joined Ti-22Al-23Nb-2Ta alloy and Ti-46.2Al-2Cr-2Nb-0.15B alloy by direct diffusion
bonding. At low temperature, the Al(Nb,Ti)2 phase was formed in the interface region adjacent to the
O phase. When bonding temperature was relatively high, the Al(Nb,Ti)2 phase did not form, but a
B2-enriched zone formed instead after long bonding time.

In our work, direct diffusion bonding was applied to join a Ti2AlNb (Ti3Al-based) alloy and a
TAN (TiAl-based) alloy. The interfacial microstructure of bonded joints was characterized, and its
evolution with changing bonding temperature and holding time was investigated. The shear strength
of joints was tested, and surface analyses of the fracture were conducted to understand the mechanism
of the fracture.

2. Experimental Section

In this study, a Ti2AlNb alloy with a nominal composition of Ti-22Al-25Nb (atom %) was provided
by BaoTai Group, Shanxi, China. TAN alloy (Ti-45Al-8.5Nb (W, B, Y) (atom %)) was provided by the
State Key Laboratory for Advanced Metals and Materials, Beijing, China. Figure 1 shows backscattered
electron (BSE) images and X-ray diffraction (XRD) patterns of the Ti2AlNb and TAN alloys. It reveals
that the Ti2AlNb alloy was composed of black α2-Ti3Al phase, grey O-Ti2AlNb phase, and little white
B2 phase around the α2-Ti3Al phase (Figure 1a), and the TAN alloy consisted of γ-TiAl phase, α2-Ti3Al
phase (in lamellar colony structure [10]), and a little Nb-rich phase (Figure 1c).

 
Figure 1. Microstructure and X-ray diffraction (XRD) patterns of substrates. (a,b) Ti2AlNb, (c,d) TAN.

Before the bonding experiment, both Ti2AlNb alloy and TAN alloy were cut into two kinds
of rectangular specimens, with dimensions of 5 mm × 5 mm × 3 mm and 20 mm × 10 mm × 3 mm,
by linear cutting. The joining surfaces of all specimens were ground by SiC grit papers down
to 2000 grit, then cleared ultrasonically in acetone solution for ~20 min and dried by air blowing.
Ti2AlNb alloy was well overlapped on TAN alloy under a pressure of 5 MPa; the schematic diagram
of assembling parts is shown in Figure 2a. Bonding took place in a furnace under a vacuum
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of 1.3–2.0 × 10−3 Pa. First of all, the bonding specimens were heated to bonding temperature
(930 ◦C–1010 ◦C) at a rate of 20 ◦C/min. Afterwards, they were held for a certain time (60 min
to 150 min), and then cooled down to 600 ◦C at a rate of 10 ◦C/min. Eventually, the specimens were
cooled down to room temperature spontaneously in the furnace.

Figure 2. Schematic diagrams of (a) assembling diffusion bonding parts and (b) shear test experiment.

After direct diffusion bonding, the cross-sections of the Ti2AlNb/TAN bonded joints were
characterized by scanning electron microscopy (SEM, MERLIN Compact, Zeiss) (Stuttgart, Germany),
and the composition of each phase in the joints was analyzed by energy dispersive spectrometer (EDS,
OCTANE PLUS, EDAX) (Mahwah, NJ, USA). The shear tests were conducted at a constant speed
of 0.5 mm/min by a universal testing machine (5967, Instron, Boston, MA, USA), and the schematic
diagram of the shear test experiment is shown in Figure 2b. At least five samples obtained in same
bonding condition were used to determine the average shear strength. SEM, EDS, and X-ray diffraction
spectrometer equipped with Cu-Kα (XRD, DX-2700, Dandong Haoyuan Instrument Co., Ltd., Dandong,
China) were applied to identify the fracture locations and phases on the fracture surface.

3. Results and Discussion

3.1. Typical Interfacial Microstructure of Ti2AlNb/TAN Bonded Joints

Figure 3a illustrates the typical interfacial microstructure of Ti2AlNb/TAN joints bonded at
970 ◦C for 60 min under a pressure of 5 MPa. It shows that reliable bonded joints without any pores
or microcracks were achieved. In order to further investigate the interfacial microstructure of the
Ti2AlNb/TAN bonded joints, a high-magnification image is given in Figure 3b. For a better description,
the joint can be divided into three zones according to the different morphology. Zone I, adjacent to
the Ti2AlNb substrate, was a continuous light gray layer (marked as D). Zone II mainly consisted
of alternating black and white particles (marked as E and F, respectively). Zone III, adjacent to the
TAN substrate, was alternating dark grey and black particles (marked as G and H, respectively).
The corresponding EDS results of each phase in the joints are listed in Table 1. The EDS result of spot D
in zone I suggests the presence of Ti, Al, and Nb in ratio of 2:1:1, which corresponds to O phase. Spots E
in zone II, and G and H in zone III, mainly contained Ti and Al. The content of Ti was higher than that
of Al. Combined with their morphology, similar to that of the α2-Ti3Al phase in the Ti2AlNb substrate,
the phases could be regarded as α2-Ti3Al phases with different content of Nb. In addition, according
to the experimental isotherm section of Ti-Al-Nb at 1000 ◦C [25] and in Reference [24], the white phase
(marked as spot F) in zone II was an Al(Nb,Ti)2 phase. The components of the Ti2AlNb substrate
adjacent to the joint are also given in Table 1. Obviously, the microstructure of theTi2AlNb substrate
also consisted of grey O phase, black α2-Ti3Al phase, and white B2 phase, but it is worth mentioning
that the quantity of B2 phase in the Ti2AlNb substrate adjacent to the joint was higher than in the area
far from the joint. Therefore, the typical interfacial microstructure of Ti2AlNb/TAN joint bonded at
970 ◦C for 60 min was Ti2AlNb substrate/O phase/Al(Nb,Ti)2 + Ti3Al/Ti3Al/TAN substrate.
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Figure 3. Typical interfacial microstructure of bonded joints at 970 ◦C/60 min/5 MPa. (a) Backscattered
electron (BSE) image and (b) high-magnified image.

Table 1. Chemical compositions and possible phases of each spot marked in Figure 3b (atom %).

Spot Ti Al Nb Possible Phase

A 54.84 21.78 23.37 B2
B 55.24 24.09 20.67 O
C 59.85 24.91 15.24 α2-Ti3Al
D 52.25 27.83 19.93 O
E 56.28 26.87 16.85 α2-Ti3Al
F 42.55 36.69 20.75 Al(Nb,Ti)2
G 54.53 35.25 10.22 α2-Ti3Al
H 55.81 27.84 16.35 α2-Ti3Al

Based on the above analyses on the interfacial microstructure of the bonded Ti2AlNb/TAN joint
and the microstructure of the Ti2AlNb substrate adjacent to the seam, the proposed evolution of
the bonded joint is as follows. Due to the concentration gradients of Al and Nb atoms for the two
substrates, in the bonding process, Al atoms diffused from the TAN substrate to the Ti2AlNb substrate,
and Nb atoms diffused in the opposite direction. Moreover, the diffusion velocity of Al atoms was
faster than that of Nb atoms, because the atomic mass of Al atoms is only a quarter of that of Nb
atoms. For the Ti2AlNb substrate, a part of the O phase gradually transformed into B2 phase in the
processes of heating and isothermal periods, according to the diagram of Ti3Al-Nb [26]. Therefore,
when Al atoms diffused to the Ti2AlNb substrate, the B2 phase combined with Al atoms to generate
Al(Nb,Ti)2 phase and Ti3Al phase by eutectoid reaction of Ti2AlNb(B2) + Al → Al(Nb,Ti)2 + Ti3Al.
Hence, the (Al(Nb,Ti)2 + Ti3Al) mixed layer (zone II) was formed [27]. The Al(Nb,Ti)2 phase possessed
the same structure as the AlNb2 phase, but was different from the common AlNb2 phase. The reason
for formation of Al(Nb,Ti)2 phase was that Nb atoms in AlNb2 phase were partly replaced by Ti atoms
with solid solution of Ti at high temperature [24]. Therefore, zone I could be regarded as a phase
transformation zone. After the mixed zone II formed, excess Al atoms passed through the mixed layer
into the Ti2AlNb substrate. As an Nb-rich and Al-depleted phase, B2 phase transformed into O phase
when the concentration of Al exceeded its solubility in B2 phase. Afterwards, Nb atoms in B2 phase
started to diffuse into other phases. Moreover, α2 phase was an Al-rich and Nb-depleted phase, so
Nb atoms easily diffused into α2 phase and distorted its lattice, leading to the transformation of α2

phase into O phase. Eventually, a continuous O phase near the Ti2AlNb substrate in zone I was formed.
In brief, the formation of zone I was mainly caused by the transformation of B2 phase and α2 phase.
Zone III, containing Ti3Al phase, could also be regarded as a phase transformation zone. It was formed
by the following two aspects: On one hand, a reaction of 3TiAl → Ti3Al + 2Al occurred, with the Al
atoms decreasing. On the other hand, partial Ti atoms diffused to the TAN alloy and took part in the
reaction of TiAl + 2Ti → Ti3Al [28].
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3.2. Effect of Bonding Parameters on the Interfacial Microstructure of Ti2AlNb/TAN Joints

It is well known that bonding parameters play important roles in the interfacial microstructure of
bonded joints. Therefore, the interfacial microstructures of joints bonded at various parameters were
characterized, as shown in Figures 4 and 5. The corresponding EDS results of the spots marked in
Figure 5c are listed in Table 2.

 
Figure 4. Interfacial microstructure of bonded joints for 60 min/5 MPa at different temperatures.
(a) 930 ◦C, (b) 950 ◦C, (c) 970 ◦C, (d) 990 ◦C, and (e) 1010 ◦C.

 
Figure 5. BSE images of interfacial microstructure of bonded joints at 970 ◦C/5 MPa for (a) 60 min,
(b) 90 min, (c) 120 min, (d) 150 min.

Table 2. Chemical compositions and possible phases of each spot marked in Figure 5c (atom %).

Spot Ti Al Nb Possible Phase

A 52.34 27.50 20.07 O
B 43.91 34.80 21.29 Al(Nb,Ti)2
C 51.33 33.45 15.23 α2-Ti3Al
D 56.78 33.78 9.43 α2-Ti3Al
E 53.22 35.89 10.89 α2-Ti3Al

Figure 4a,b shows that some pores existed at the interface. This may have been because the
bonding temperature was not high enough to cause considerable plastic deformation and/or enough
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atomic diffusion to guarantee complete contact. In addition, only O phase and Al(Nb,Ti)2 phase formed
at the joints bonded at 930 ◦C and 950 ◦C, respectively, which is why the diffusion of Nb atoms was
not sufficient to form Al(Nb,Ti)2 phase. On the other hand, Al atoms directly diffused into the Ti2AlNb
substrate, causing the transformation of B2 phase and α2 phase into O phase (Figure 4a). When the
temperature was high enough, as at 950 ◦C, the diffusion of Nb atoms was accelerated and the Nb
atoms easily accumulated in the concentrations required to form the Al(Nb,Ti)2 phase [24]. In this case,
Al atoms mainly participated in the formation of the Al(Nb,Ti)2 phase (Figure 4b). As temperature
further increased to 970 ◦C, in addition to taking part in the formation of Al(Nb,Ti)2 phase, Al atoms
also passed through the mixed layer to the Ti2AlNb substrate and formed the O phase, as shown in
Figure 4c. Figure 4c–e shows that the Al(Nb,Ti)2 phase decreased gradually with increasing bonding
temperature. High temperature enhanced the diffusion of Nb to the Ti2AlNb substrate, leaving
insufficient Nb at the interface to form Al(Nb,Ti)2 phase [29]. As to the Ti3Al layer, its thickness
obviously increased with the increase of the bonding temperature.

Figure 5 shows the evolution of the interfacial microstructure of Ti2AlNb/TAN joints bonded at
970 ◦C. Well-formed joints with no defects were obtained every time. With extended holding time,
the amount of Al(Nb,Ti)2 phase reduced gradually, and eventually nearly disappeared when the
holding time reached 120 and 150 min. In the isothermal period, along with the diffusion of Nb atoms,
the concentration of Nb in the Al(Nb,Ti)2 phase decreased gradually, resulting in its decomposition.
Along the TAN substrate, a Ti3Al transition layer consisting of two kinds of Ti3Al phases with different
concentrations of Nb formed. The formation of one Ti3Al phase (marked as C) was due to the
decomposition of Al(Nb,Ti)2 phase. The formation mechanism of the other one was the same as that
of the Ti3Al phase marked as G in Figure 3b. The Ti3Al transition layer thickened and coarsened
when holding time reached 150 min. On the other hand, the O phase layer became discontinuous,
which resulted from the durative diffusion of Nb from Ti2AlNb to O phase inducing the transition of
O phase to B2 phase.

3.3. Bonding Properties and Fracture Morphology of Bonded Ti2AlNb/TAN Joints

Figure 6 illustrates the effect of bonding temperature and holding time on the average shear
strength of the bonded Ti2AlNb/TAN joints. It shows that the average shear strength exhibited the
same tendency, first increasing and then decreasing, in both increasing temperature and time tests.

 
Figure 6. Effect of bonding parameters on the shear strength of joints. (a) Bonding temperature;
(b) holding time.

In order to further explore the fracture mechanism of the joints, fracture analyses were carried
out. Furthermore, the relationship between interfacial microstructures and joining properties was
established. Figure 7 shows the cross-section BSE images and fractography of joints made at different
bonding temperatures and holding times, taken after shear test. The corresponding EDS results were
listed in Table 3. All the fracture presented characteristic cleavage facets. As shown in Figure 7a–b,
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it was observed that the cracks mainly initiated in the mixed layer, which consisted of Al(Nb,Ti)2 (spot
A) and Ti3Al phases (spot B). The fracture, which was obtained at 970 ◦C for 60 min (Figure 7c–d),
also included Al(Nb,Ti)2 (spot C) and Ti3Al phases. However, it can be clearly seen that there were two
types of Ti3Al phases with different contents of the Nb element. The Ti3Al phase with lower content of
Nb (spot D) lay in the Ti3Al layer, and the one with the higher content of Nb (spot E or F) lay in the
mixed layer. It can therefore be concluded that the cracks were mainly through the mixed layer and
the Ti3Al layer. For further analyses, XRD analysis of the fracture surface on the TAN side after shear
test of the joints at 970 ◦C/60 min/5 MPa was carried out, for which the XRD patterns are given in
Figure 8. According to the results shown in Figure 8, Al(Nb,Ti)2 phase, which had the same structure
as AlNb2 phase [24], and Ti3Al phase were detected from the fracture surfaces. The above results
further confirmed the above analyses. When the holding time was extended to 120 min (Figure 7e–f),
the fracture surface mainly consisted of TiAl phase (spot G) and two kinds of Ti3Al phase (spots H and
I). It was concluded that there was little Al(Nb,Ti)2 phase either in the joints or in Ti3Al transition layer.
The joints mainly fractured in the Ti3Al transition layer, and partly in the interface between the Ti3Al
transition layer and the TAN substrate, which had the maximum shear strength. With holding time
extended to 150 min (Figure 7g–h), the fracture only included two types of Ti3Al phase (spots J and K).
Hence, the crack initiated and propagated in the transition layer.

 
Figure 7. Fractured cross-section BSE images and fractography of the joints bonded at (a–b)
950 ◦C/60 min, (c–d) 970 ◦C/60 min, (e–f) 970 ◦C/120 min, and (g–h) 970 ◦C/150 min. (TAN side).
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Table 3. Chemical compositions and possible phases of each spot marked in Figure 7 (atom %).

Spot Ti Al Nb Possible Phase Corresponding IMC Layer

A 49.77 38.29 11.44 Al(Nb,Ti)2 mixed layer
B 51.91 31.88 16.22 α2-Ti3Al mixed layer
C 44.82 38.31 16.87 Al(Nb,Ti)2 mixed layer
D 52.78 33.74 13.48 α2-Ti3Al Ti3Al phase layer
E 50.09 31.37 18.54 α2-Ti3Al mixed layer
F 50.28 31.25 18.47 α2-Ti3Al mixed layer
G 44.63 47.38 8.00 TiAl TAN substrate
H 58.16 33.27 8.57 α2-Ti3Al transition layer
H 53.09 31.47 15.44 α2-Ti3Al transition layer
J 52.67 35.08 12.25 α2-Ti3Al transition layer
K 51.82 30.72 17.46 α2-Ti3Al transition layer

 
Figure 8. XRD patterns of the fracture surface after shear test of the joints bonded at
970 ◦C/60 min/5 MPa.

For the joints created at 930 ◦C for 60 min, plenty of pores existed in the joints, decreasing the real
bond area. Shear strength was therefore poor. As the bonding temperature increased, a compact contact
was guaranteed and sufficient reactions occurred, following the interdiffusion of atoms. Continuous
intermetallic compounds (IMCs) layers, including O phase layer, (Al(Nb,Ti)2 + Ti3Al) mixed phase
layer, and Ti3Al phase layer (in Figure 4), formed at the interface. Therefore, an increasing shear
strength was obtained, with the highest 52.9 MPa, achieved in joints made at 970 ◦C for 60 min.
Whereas, with the further increase of bonding temperature, the Ti3Al layer thickened and Ti3Al grains
coarsened, apparently decreasing the shear strength.

As the holding time increased, the Al(Nb,Ti)2 phase decomposed gradually and the Ti3Al
transition layer formed (in Figure 5), which increased the shear strength of the joints [24]. The shear
strength increased steadily and reached its highest value of 66.1 MPa at 970 ◦C for 120 min, as shown
in Figure 6b. With the holding time further increased, despite the fact that the reduction of Al(Nb,Ti)2

phase was beneficial to performance of the joints, the mechanical properties of the joint still decreased
by reason of thickening of the Ti3Al transition layer and coarsening of Ti3Al grains.

Based on the above analysis of interfacial microstructure and fracture results, it was concluded
that the Al(Nb,Ti)2 phase was detrimental to the Ti2AlNb/TAN bonded joints, due to its hardness
and brittleness. High bonding temperature or long holding time enhanced the diffusion of atoms,
which caused the decrease of Al(Nb,Ti)2 phase and therefore better bonded joints. However, further
increase of the bonding temperature or the holding time promoted the excessive growth of Ti3Al phase,
which resulted in a decrease of the shear strength of Ti2AlNb/TAN bonded joints.
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4. Conclusions

Bonding a Ti2AlNb alloy to a TAN alloy was achieved successfully by direct diffusion bonding.
The effects of bonding temperature and holding time on the interfacial microstructure and mechanical
properties of Ti2AlNb/TAN bonded joints were investigated in detail. Primary conclusions are
summarized as follows.

(1) The typical interfacial microstructure of the Ti2AlNb/TAN joints bonded at 970 ◦C
for 15 min under a pressure of 5 MPa was Ti2AlNb substrate/O phase/Al(Nb,Ti)2 +
Ti3Al/Ti3Al/TAN substrate.

(2) Bonding temperature had a great influence on the priority of the formation of O phase and
Al(Nb,Ti)2 phase. When bonding temperature was low, Al atoms diffused to the Ti2AlNb
substrate directly, which caused the formation of O phase without Al(Nb,Ti)2 phase. When the
bonding temperature was high enough, Nb atoms reached the desired concentration quickly.
In this condition, Al atoms first reacted with B2 phase to generate Al(Nb,Ti)2 phase. Then, excess
Al atoms passed though the mixed layer to the Ti2AlNb substrate and promoted the formation
of O phase. As bonding temperature or holding time were further increased, Al(Nb,Ti)2 phase
gradually decomposed into Ti3Al phase and a Ti3Al transition layer formed. Meanwhile, the O
phase layer changed from a continuous state to a discontinuous one.

(3) The Al(Nb,Ti)2 phase was hard and brittle, so the initial fracture location mainly occurred in the
mixed layer. With the decomposition of Al(Nb,Ti)2 phase and the formation of transition layer,
the shear strength was improved, and the average value reached 66.1 MPa when Ti2AlNb alloy
and TAN alloy were bonded at 970 ◦C for 120 min. The fracture location mainly occurred in the
Ti3Al transition layer and the fracture mode was brittle fracture.
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Abstract: Mechanical properties of welded joints depend on the way heat flows through the welding
passes. In multipass welding the reheating of the heat affected zone (HAZ) can form local brittle
zones that need to be delimited for evaluation. The difficulty lies in the choice of a model that can
simulate multipass welding. This study evaluated Rosenthal’s Medium Thick Plate (MTP) and the
Distributed heat Sources (DHS) of Mhyr and Gröng models. Two assumptions were considered
for both models: constant and temperature-dependent physical properties. It was carried out on a
multipass welding of an API 5L X80 tube, with 1016 mm (42”) external diameter, 16 mm thick and
half V-groove bevel, in the 3G up position. The root pass was welded with Gas Metal Arc Welding
(GMAW) process with controlled short-circuit transfer. The Flux Cored Arc Welding (FCAW) process
was used in the filling and finishing passes, using filler metal E111T1-K3M-JH4. The evaluation
criteria used were overlapping the simulated isotherms on the marks revealed in the macrographs
and the comparison between the experimental thermal cycle and those simulated by the proposed
models. The DHS model with the temperature-dependent properties presented the best results and
simulated with accuracy the HAZ of root and second welding passes. In this way, it was possible to
delimit the HAZ heated sub-regions.

Keywords: welding thermal cycles; medium thick plate model; distributed point heat sources model;
local brittle zone; API 5L X80 steel

1. Introduction

In electric arc welding, the addition and the base metals are fused by the heat source and it
still imposes phase changes in the solid base metal (BM), i.e., in the heat affected zone (HAZ) [1].
The retention time above certain temperatures reached along the HAZ dissolves precipitates and
promotes its redistribution in the austenitic matrix together with grain growth [2–4]. Further, the
energy retention times above certain temperatures, the peak temperatures and cooling rates are
different along the HAZ. Hence, different microstructural regions throughout the HAZ width are
created, so that its final microstructures differ significantly from that of the original BM [5,6]. Figure 1
presents the microstructures in the experimental HAZ regions of an API 5L X80 steel, in which it
is possible to observe different grain sizes and microstructures. The coarse-grained HAZ (CGHAZ)
region presents grains whose diameter is greater than the others. Its microstructure is composed
by ferrite with a second phase of carbides, while the others are composed by ferrite with aggregate
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ferrite-carbide. The intercritical HAZ (ICHAZ) grains still present some orientation from the base
metal grains. Therefore, the HAZ physical properties also differ from that of BM. The hardness and
toughness are mechanical properties that are dependent of the welding thermal cycle and they are
reference parameters for measuring the steel’s weldability [7].

Figure 1. Experimental representation of heat affected zone (HAZ) regions, root pass welding of an
API 5L X80 steel.

The study and domain of these transformations are required for the prediction and control of
the resulting microstructure and welded-joint required properties, consequently [6,7]. Figure 2 shows
schematically the HAZ sub-regions in a high-strength low-alloy steel (HSLA) multipass welding,
HT50 [5].

Figure 2. Schematic representation of multipass welding HAZ regions of the high-strength low-alloy
steel (HSLA) HT50. In (a) root pass; in (b) root pass reheated one time and (c) root pass reheated twice
and filling pass reheated one time, reproduced from [5], with permission from Taylor & Francis, 2000.

The HAZ root pass, represented by Figure 2a, is characterized by different microstructural regions:
CGHAZ, fine-grained HAZ (FGHAZ), ICHAZ and subcritical HAZ (SCHAZ). Figure 2b presents the
second welding pass that promotes the formation of a new HAZ adjacent to its corresponding pass with
the same microstructural regions shown before. However, this second welding pass partially affects
the previous HAZ, so that new microstructure sub-regions arise. Traveling on the root CGHAZ from
the top towards to the schematic bottom face specimen, it is possible to recognize that a sub-region
was reheated above the recrystallization temperature. It is named CG-CGHAZ. The next lower
portion thereof CGHAZ is reheated in the temperature range in which there is grain refinement—the
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RG-CGHAZ. The same CGHAZ is still reheated within the range of intercritical temperature, making
arise the IR-CGHAZ. This subregion needs more attention to be known as the local brittle zone [5,8]
(LBZ). The temperature range between Ac1 and Ac3, is favorable to MA microconstituent formation in
multipass weldments [2,5,8], as it can deteriorate the steel toughness, depending on its size and
distribution in the ferritic matrix [9,10]. The following sub-region is reheated in the subcritical
temperature range: it arises the SC-CGHAZ. For the last, remains the unaffected root CGHAZ.
Similarly, the third welding pass, shown in Figure 2c, affects the previous HAZ and the root pass HAZ,
but is less intense than the second one.

Software packages that use the Finite Element Method (FEM) have been used successfully to
simulate welding, in which the material physical properties are temperature dependent [11], to
calculate isotherms, thermal cycles, residual stresses [12,13], distortions [14] and uses a volumetric
heat source with a Gaussian power distribution. The heat source dimensions are adjusted by weld
bead macrography [15–17]. FEM has also been used to simulate multipass welding to solve these
same questions, however, the previous HAZ reheating through subsequent welding pass is not
evaluated [18–22]. Single pass welding simulation is a costly operation for the FEM, the more expensive
it will be for multipass welding simulation [18,23]. HAZ simulation in the weld cross section through
FEM presents the difficulty of the delimitation of the isotherms maximum widths that are in different
planes for different values of thickness. HAZ reheating simulation is another difficulty presented for
FEM software packages because the user does not have flexibility to save the isotherms coordinates of
each weld pass.

Due to the presented difficulties, analytical solutions for the heat flux in the welding will
be presented.

The analytical solutions developed by Rosenthal [24] to describe the welding heat flow considered
the quasi-stationary heat flow regime in an autogenous welding. The analytical solutions or Rosenthal’s
model is based on the Fourier differential equation, described by Equation (1). In this equation,
λ is thermal conductivity and ρcp is the volumetric thermal capacity and Q0 is a component of
energy generation.
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The heat transfer models developed by Rosenthal [24–26], called thin plate (2D) model and thick
plate (3D) model are most widely used for their simplicity, in order to analyze heat flow within a
welded joint. Later, Jhaveri et al. [27] proposed a dimensionless parameter, called relative thickness (τ),
which defines the relative thickness interval to use on 2D or 3D heat transfer model. Therefore, the
thin plate heat transfer model should be used when the value of τ is less than 0.6. On the other hand,
when the value of τ is more than 0.9 the thick plate solution is employed. There is a gap among 0.6–0.9
relative thickness, in which both models (2D and 3D) are not applied. The medium thick plate (MTP)
is another model developed by Rosenthal [24,26] that can be used in this τ interval, in which the other
two models do not present good results [2].

Among the mentioned heat flow models, the MTP model is more robust as it can predict
temperature isotherms for thick plate (3D) and for thin plate (2D) heat flows [2]. To find the solution of
medium thick plate model, some hypotheses were assumed [24]:

1. Physical properties constant at room temperature (λ and α), independent of temperature;
2. Point heat source moves in a straight line with constant speed ν;
3. No energy generated or consumed within the plate, i.e., Q0 = 0;
4. All the heat flow is transmitted by conduction. Radiation and convection through surfaces

are neglected;
5. The plate is semi-infinite, with a thickness d;
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6. The initial condition is defined by Equation (2).

T(0) = T0 (2)

7. The boundary conditions are defined by Equation (3);

{
∂T
∂z = 0, z = 0
∂T
∂z = 0, z = d

(3)

The simplification imposed by Equation (3) implies that there is no heat loss by radiation and
convection through the upper and lower plate surfaces, i.e., both surfaces are adiabatic. This condition
is achieved by the method of images, which considers specular reflections of the actual source by
imaginary ones ( . . . , 2q−2, 2q−1, 2q1, 2q2, . . . ), in relation to the planes z = 0 and z = d, as shown in
Figure 3.

Figure 3. Disposition of actual and imaginary heat sources on MTP model [2].

The coordinate system used to solve Equation (1) defines that the x-axis is related to the welding
direction and the weld pool length. The y-axis is related to the width of HAZ and weld pool, while
the z-axis is related to the plate thickness and the weld pool depth. The contribution from these heat
sources allows to obtain the temperature distribution solution, in the form of a convergent series,
according to Equation (4a).

T − T0 =
q0

2πλ
exp

(
−vx

2α

)[i=+∞

∑
i=−∞

exp
(
− v

2α
Ri

)]
(4a)

where
Ri =

√
x2 + y2 + (z − 2id)2 (4b)

Equation (4a,b) define the solution of Equation (1) with its initial and boundary conditions in quasi
stationary regime, where Ri is the radius vector which measures the distance between the imaginary
source qi and the point P where it is intended to calculate its peak temperature. The real heat source
is presented by q0 at the origin of the coordinate system, α is the thermal diffusivity, (x, y, z) are the
coordinates of the point P and ν is the weld speed.

Figure 4 shows the temperature isosurfaces of 1520 ◦C, 1000 ◦C, 700 ◦C and 500 ◦C simulating the
welding of a low alloy steel with the MTP model, heat input of 1.2 kJ/mm and 14.5 mm of thickness.
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The shape of the isotherm of 1520 ◦C indicates a 3D heat flow, while the shape of the isotherm of 500 ◦C
indicates a heat flow between 3D and 2D, because it touches both plate surfaces.

Figure 4. Isosurfaces of a medium thick steel plate.

However, a new proposal for the study of welding heat flux was based on the analytical model
called discretely distributed point heat sources model (DHS) developed by Myhr and Grong [2],
initially intended to predict the convection effects within the weld pool. These effects cause changes in
the bead format, called finger, as shown in Figure 5.

Figure 5. Convection effects in weld bead shape [2].

The DHS model is based on the point heat sources distribution of Rosenthal′s MTP on a fusion
zone cross section, so that the increase in temperature at point P located within the plate is calculated
based on the method of images [2], as defined schematically in Figure 6.

Figure 6. Contribution of sources qa and qb in increasing the temperature in the point P [2].

43



Metals 2018, 8, 951

The plate surfaces are adiabatic like they are in the MTP model [2,24]. The point heat sources,
in this case, are subdivided into ones that are located on the plate (qa) along the y-axis and those
immersed in the molten pool (qb) along the z-axis, as shown in Figure 7.

Figure 7. Point heat sources distribution in y-z plane to simulate finger effect in weld bead shape [2].

Finally, the temperature at a point is the sum of the power contributions of all point heat sources,
as presented in Equation (5).

T − T0 = ∑
i

[
T
(

qi
a

)
+ T

(
qi

b

)]
(5)

The heat source total power (q0) is the sum of the contributions of all point heat sources,
considering the welding arc efficiency (η), arc voltage (V) and welding current (I), as presented
by Equation (6).

q0 = ∑
i

[
qi

a + qi
b

]
= ηVI (6)

This model, however, was modified by Ramirez and Brandi [28], so that sources qi
a located on the

y-axis could be displaced from a value Δz into the weld pool, in the z direction. Thus, the point sources
could be located on the y-axis, or below it, located anywhere in the y-z plane, since confined inside
the weld pool [28]. This model was developed due to the need to simulate multipass welding [28].
The authors considered physical properties independent of temperature and they still used Gleeble®

system equipment (Dynamic Systems Inc., Poestenkill, NY, USA) to simulate physically the HAZ.
According to the authors, the results were quite satisfactory when compared with experimental and
physically simulated data.

Models presented evolution as the boundary conditions imposed on the differential equation and
the size of the heat source are close to actual welding situations. The difficulty of applying these models
lies in the definition of the values of the physical properties, since they are temperature-dependent.
In this way, errors can be made when trying to delimit the HAZ regions, or to simulate thermal cycles
with different maximum temperatures.

Thus, this work proposes to evaluate the effectiveness of MTP and DHS models by overlapping
the simulated isotherms on the marks revealed in the macrographs and by means of experimental
thermal cycle. For both models, the hypothesis of constant and temperature-dependent physical
properties will be considered. The best option will be used to simulate the HAZ of multipass welding.

2. Materials and Methods

A girth welding was carried out between two API 5L X80 steel pipe with 1016 mm (42”) diameter
and 16 mm wall thickness, whose chemical composition is shown in Table 1.

Table 1. Chemical composition of API 5L X80 steel.

Alloy C Mn Si Cr Ni Mo Al Cu Ti V Nb B

wt% 0.06 1.597 0.216 0.192 0.198 0.002 0.049 0.012 0.015 0.027 0.0649 0.0003
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The joint was manually welded using only half perimeter of the pipes. The root pass was welded
by Gas Metal Arc Welding (GMAW) using Surface Tension Transfer Mode (STT®, The Lincoln Electric
Company, Cleveland, OH, USA) throughout the mentioned pipe extension. Subsequent passes were
welded by the Flux Cored Arc Welding (FCAW) process. The beginning of each weld pass has been
displaced to maintain an extension of the previous one free of microstructural changes due to the
subsequent beads, as shown in Figure 8.

Figure 8. Schematic view of welding passes.

According to the schematic view of the welded joint, depicted in Figure 8 (Det. A), thermocouple
K-type 0.25 mm diameter was welded on the inner pipe surface and in the beginning of welding
finishing pass section, at 7.15 mm from the weld centerline. Thus, it was possible to record the thermal
cycle during all welding passes from a data acquisition system. K-type thermocouple has a measuring
range of −220–1260 ◦C with an error of ±4.4 ◦C [29]. Welding parameters were also recorded, as
voltage (V) and current (I), in function of time, in the range of 0.0002 s. The average source power was
calculated from the instantaneous power values.

Extended Myhr and Grong′s Model

The DHS model was evaluated in this work with some additional considerations to better
represent the fusion zone contour, the HAZ isotherms and the thermal cycle, starting with the model
proposed by Ramirez and Brandi [28]. That is, since the sources qi

a have been displaced from z axis
into the weld pool, they will have the same nature as the sources qj

b. Therefore, both kind of heat
sources will be treated just as qi, and their displacements will assume values of their own coordinates
related to system origin, (yqi, zqi). The quasi-stationary heat flow regime, in this case, is represented by
Equation (7).
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Thus, the point heat sources positions and their respective power values became more flexible and
η is assumed as a constant value for all of them, which is different from the previous works [2,16,17,28].
However, there is still a question regarding the values to be attributed to the physical properties,
as they are dependent on the temperature. Rosenthal, although he formulated the MTP model
considering such properties independent of temperature, suggests that they are adjusted step by
step [24]. This approach was partially adopted by Azar et al. [16], when using the DHS to simulate the
fusion zone isotherm and other two HAZ isotherms in a hyperbaric welding. In their simulation, the
physical properties changed by temperature ranges, whose base metal was an API 5L X70 steel.
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Starting from the principle that the HAZ has different microstructures, which had undergone
different thermal histories along HAZ width, then, it is possible to obtain some inaccuracies when
using physical properties by temperature ranges. For this reason, this work proposes to adopt the
values of physical properties varying with each simulated isotherm temperature, as well as with
simulated thermal cycles. This work still proposes to utilize point heat sources positions and their
respective power values to adjust the melting temperature isotherm through the fusion zone contour
on the macrograph. Once the heat sources distributions are adjusted, this will be kept simulating other
HAZ isotherms and thermal cycles.

The thermal cycle at the P-point within the HAZ was simulated with discretized temperatures by
variation of 1 ◦C from the preheat temperature T0. That is, during the heating stage, the evolution of
the temperature versus time was defined by an increase of 1 ◦C, in relation to the previous temperature
(Ti−1) until it reaches a maximum value. The instant ti at which the temperature at the P-point is
increased by 1 ◦C is calculated by Equation (8).

T1 = T0 (8a)

Ti = Ti−1 + 1, i > 1 (8b)

t1 = t(T1)
= 0 (8c)

ti = ti−1 +
Δt1 + Δt2

2
, i > 1 (8d)

The values of the time intervals Δt1 and Δt2 were defined as the time required to vary from
1 ◦C between the temperatures Ti−1 and Ti. For the calculation of Δt1, the physical properties
were considered constant and calculated at the temperature Ti−1. An analytical thermal cycle was
then calculated from these physical property values and other variables defined in Equation (7).
The calculation of Δt1 was determined from reading in the thermal cycle, when the temperatures
ranged from Ti−1–Ti in the P-point.

The value of the time interval Δt2 was calculated using the same methodology, but with the
physical properties calculated at temperature Ti. This calculation scheme is shown in Figure 9, which
depicts part of the analytical thermal cycles during heating at temperatures (T) and (T + 1), using
the physical properties depending on the respective temperatures. The Δtmean was calculated by the
arithmetic mean of Δt1 and Δt2.

For each value of Ti, the values of the thermal properties, the respective analytical thermal
cycle and its maximum temperature—Tmax(λ(Ti))

—are calculated. The maximum temperature of the
discretized heat cycle—Tmax(Ti)

—is calculated according to Equation (9).

Tmax(Ti)
= Tmax(λ(Ti))

i f
∣∣∣Ti − Tmax(λ(Ti))

∣∣∣ ≤ 2 ◦C (9)

The difference of 2 ◦C between Ti and Tmax(λ(Ti))
was chosen to calculate Tmax(Ti)

because the
temperature Ti is increased by 1 ◦C in the discretized thermal cycle. This value was enough to ensure
the convergence criterion.

The cooling stage of the thermal cycle started from the last temperature reached in the heating step
and the calculations of Δt1 and Δt2, following the same criterion. However, the next temperature value
will decrease by 1 ◦C with respect to the latest one. Finally, the cooling time interval from 800 ◦C–500 ◦C
(Δt8−5) was obtained from the final numerically simulated thermal cycle at the interest point.

For the simulation purpose of the HAZ isotherms and thermal cycles, as suggested, the thermal
conductivity and diffusivity properties of AISI 1020 steel, as a function of temperature, were used,
according to Figure 10.
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Figure 9. Thermal cycle calculation scheme using physical properties temperature dependent at
temperatures T and T + 1.

Figure 10. Thermal conductivity and diffusivity of API 5L X80 and AISI 1020 steels as a function of
temperature, adapted from [11,13], with permission from Taylor & Francis, 2002.

In this picture, one can notice that the values of AISI 1020 thermal conductivity and thermal
diffusivity are close enough to the API 5L X80 steel. The AISI 1020 steel physical properties were used
to simulate the welding heat flow for the API 5L X80 steel pipe joint, as these can be estimated from
the liquidus temperature to the room temperature.

3. Results

3.1. Comparison between Different Analytical Models

Conventionally, the analytical solutions for welding simulations consider the physical properties
as constant, i.e., independent of temperature, just as they were developed [2,24,26,30]. However,
in engineering materials, the physical properties are temperature-dependent, such as those shown
in Figure 10. To evaluate the DHS proposed model, a comparative study will be carried out with
MTP model, initially considering the temperature-independent physical properties and later with
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the temperature-dependent ones, through the methodology suggested in this work. The welding
parameters were the same for all simulations, i.e., the heat source power was equal to 2376 W and
the welding speed equal to 1.05 mm/s, that resulted in a heat input of 2.26 kJ/mm. Considering the
case in which the physical properties were assumed constant, they were selected at the temperature of
25 ◦C, in which values were obtained from Figure 10: λ was equal to 0.052 W/mm ◦C and α equal to
14,208 mm2/s.

The simulation codes were developed through Wolfram Mathematica® software (Version 10.2.0.0
Student Edition, Wolfram Research, Champaign, IL, USA) to determine the isotherms profiles and
thermal cycles, using the resource of finding roots, like Newton-Raphson and bisection methods,
because the temperature field equations presented before are transcendental functions.

Figures 11 and 12 present the results of simulation in which the physical properties were constants
and based on MTP and DHS models, respectively.

Figure 11. Macrograph and front view of the root pass welding simulation through the MTP model
with properties independent of temperature.

In Figure 11, the contours of the original bevel and the weld centerline are highlighted, the point
heat source is presented through the white point on the specimen’s bottom surface. The simulated
HAZ isotherms are superimposed on the multipass welded joint macrograph to assess the fit
between simulated and experimental results. The isotherms of 1520 ◦C, 1200 ◦C, 903 ◦C and 713 ◦C
represent respectively the base metal solidus, recrystallization, Ac3 and Ac1 temperatures. The first
one was obtained through Thermo-Calc® software (Version 2.2.1.1, Foundation for Computational
Thermodynamics, Stockholm, Sweden), the second value was based on Pickering [31] and the last two
of them were determined using dilatomety analysis.

Figure 12 presents the DHS simulation using 19-point heat sources distributed within the melt
zone, each one using 8 imaginary sources. Typically, the simulations by DHS use less point heat
sources [2,16,17,28]. The greater the amount of point heat sources used in a simulation, the easier to
adjust their position and respective power source values. The innermost heat sources are those with
the highest power values. The final adjustment of the simulated fusion isotherm to the weld pool
cross section is promoted by the most external heat sources, which have the lowest power values.
This power distribution of heat sources suggests a Gaussian distribution, as proposed in numerical
methods [32,33].
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Figure 12. Macrograph and front view of the root pass welding simulation through the DHS model
with properties independent of temperature.

A better fit can be observed between the melt temperature isotherm with the molten zone contour.
However, for the other isotherms the fit was worse, i.e., their positions did not coincide with the
contours revealed in the macrograph. Table 2 shows the relative error between the positions of 1520 ◦C
and 903 ◦C simulated isotherms with respect to three reference points located at 1.5 mm, 3.0 mm and
4.5 mm, respectively, above the specimen lower surface.

Table 2. Relative error between MTP and DHS isotherms in relation to reference positions within the
HAZ with temperature-independent physical properties.

Position
MTP DHS

1520 ◦C 903 ◦C 1520 ◦C 903 ◦C

1 12.4% 19.1% 9.2% 20.7%
2 −18.3% 18.7% 2.1% 22.3%
3 −48.8% 19.8% 1.5% 27.0%

The following isotherm simulations were carried out with the temperature-dependent physical
properties, in which each property value was selected based on the current isotherm temperature
value. Figures 13 and 14 present the results considering MTP and DHS models, respectively. It can
be observed in Figure 13 that the isotherm’s positions provided a better adjustment in relation to the
macrograph revealed contours when compared to the results presented in Figure 11.

Figure 14—which represents the proposed model in this work—shows the DHS simulation using
19-point heat sources distributed within the melt zone, whose power and position distributions were
adjusted to simulate molten zone contour. Once the necessary adjustment was done, this configuration
remained the same to simulate the other isotherms. The power value of 2376 W used to simulate the
1520 ◦C isotherm was within the calculated average source power of 1877 ± 920 W. This high standard
deviation value was related to the welding process used, which, in this case, was a curt circuit one, in
which there is a great current variation. This behavior of the power values is also reported by Azar [16]
that calculates the average power from its instantaneous values.
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Figure 13. Macrograph and front view of the root pass welding simulation through MTP model with
temperature-dependent properties.

Figure 14. Macrograph and front view of the root pass welding simulation through DHS model with
temperature-dependent properties.

As can be seen, the adjustment of the isotherms on the contour revealed in the macrographs is
more accurate in Figure 14 than in Figure 13. Table 3 presents the relative error for both simulations, in
the same positions of the reference used before. Negative error values indicate the isotherm position
was on the left side of the revealed macrograph contours.
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Table 3. Relative error between MTP and DHS isotherms in relation to reference positions within the
HAZ with temperature-dependent physical properties.

Position
MTP DHS

1520 ◦C 903 ◦C 1520 ◦C 903 ◦C

1 6.9% 3.4% −1.1% −1.9%
2 −24.9% 1.4% −2.3% −0.9%
3 −60.0% −0.8% −2.3% 1.6%

The performance of models was also compared with respect to the simulated thermal cycles.
For the cases in which the properties were considered temperature-dependent, the methodology
proposed in topic 3 was adopted for both MTP and DHS models. The results of the simulations are
summarized in Figure 15 that presents thermal cycles simulated through the same criteria used before
in the isotherm profiles determination.

Figure 15. Experimental and simulated thermo cycles considering all the criteria.

Table 4 presents a thermal cycle performance study based on the maximum temperature (Tmax)
reached by a thermocouple and its Δt8−5. The thermal cycles whose physical properties are temperature
independent are presented by λ(25 ◦C) and those whose physical properties are temperature dependent
are presented by λ(T). The position used to simulate them was the same where the thermocouple
was installed, i.e., 7.15 mm right of the weld center line or 2.35 mm from the molten zone, in which
Tmax = 1004.34 ◦C and Δt8−5 = 47.98 s.

Table 4. Thermal cycle evaluation based on Tmax and Δt8−5 criteria.

Physical
Property

MTP Simulation DHS Simulation

Tmax

(◦C)
Tmax

Error (%)
Δt8−5 (s)

Δt8−5
Error (%)

Tmax

(◦C)
Tmax

Error (%)
Δt8−5 (s)

Δt8−5
Error (%)

λ(T) 1108.58 10.38 50.82 5.92 994.62 −0.97 52.04 8.47
λ(25 ◦C) 1168.18 16.31 62.43 30.12 1103.53 9.88 63.18 31.68
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It can be seen that the DHS proposed model presented the best answer in relation to Tmax, but
not in relation to Δt8−5, whose calculated value was higher than the experimental one. It means that
the effect of neglecting heat losses has a small but consistent effect on simulation of the maximum
temperature, and probably also has a consistent effect on the time lag difference shown in Figure 15 for
thermal cycling.

Another criterion for the thermal cycle evaluation through the proposed DHS model was the
Δt8−5 variation depending on the maximum temperature reached on the HAZ width. In this case, the
z coordinate was set at 1.2 mm above the specimen’s bottom face on the right side of the groove and
the results are shown in Figure 16.

Figure 16. Δt8−5 variation depending on the maximum temperature reached on the HAZ width.

In the neighborhood of the molten zone, in the 1489 ◦C maximum temperature position, the Δt8−5

value was 49.5 s. At the lower temperature HAZ end, in the 814 ◦C maximum temperature position,
the Δt8−5 value was 54.6 s in the simulated thermal cycle. That is, there was a variation of only 10.3%
compared to the minimum Δt8−5 value for a variation of 83% in temperature values throughout the
HAZ width. This behavior is typical of values found in analytical solutions [2,4,24,27]. In other words,
in the weld centerline on the plate upper surface and behind the weld pool, the value of Δt8−5 is
constant because the coordinate values y and z are null [4,24,34]. However, when these coordinates are
inside the HAZ, the Δt8−5 variation is very small [4,27,35]. Therefore, a Δt8−5 value measured by a
thermocouple may be used in whole HAZ extent, whose error is not greater than 10%.

3.2. Multipass Welding Simulation through DHS Model

Figure 14 shows how DHS as proposed was able to simulate the fusion zone contour of the root
pass. The melting temperature isotherm profile generated by the MTP model cannot adjust to that of
the fusion zone contour because its profile is semicircular in the y-z plane [24,30,34]. Therefore, this
model is even less suitable to simulate multipass welding. As in the previous studies, the DHS point
heat sources were moved into the fused zone, to simulate a multipass welding. It is enough that they
are redistributed within the fused zone of the subsequent welding pass. In this case, to simulate the
welding of the first filling pass by the DHS model, 26-point heat sources were used, each one with 8
imaginary sources, whose results are shown in Figure 17. In this figure, the simulated first filling pass
isotherms are overlapped by those of root pass presented in Figure 14.

These overlaps of HAZ isotherms take a main role in the welded joint evaluation, since mechanical
properties, such as hardness and toughness, as well as microstructures formation are dependent on the
welding thermal history.

Thus, the intersection between them presents the previous HAZ sub-regions that were affected
by heating. Although the macrograph already provides an idea of this phenomenon, the isotherm
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simulation of the filling pass indicates in which temperature ranges it occurred for each root pass HAZ
sub-region. The isotherm intersections allowed delimitating nine microstructural sub-regions in the
root pass, which arose from the heating by subsequent welding pass, as presented in Figure 18.

Figure 17. First filling pass simulated isotherms by DHS model overlapped those of root pass.

Figure 18. Reheated root pass sub-regions.

Regions 1–3 (CG-ICHAZ, CG-FGHAZ and CG-CGHAZ) were reheated beyond recrystallization
temperature, while regions 4–6 were reheated in the fine-grained region temperature range. Region 9
is the coarse-grained HAZ intercritically reheated, IC-CGHAZ, the local brittle zone previously cited.
This sub-region is very narrow, whose base is measured 1.3 mm and its height is equal to 3.7 mm.
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4. Conclusions

The flexibility of defining the heat sources positions and their respective power values, based
on the DHS model, allowed to fit more easily the weld pool contour on the mark revealed in the
macrography of the API 5L X80 steel, when considering the physical properties to be temperature
dependent. The other HAZ isotherms also fitted to marks revealed on the macrograph. Consequently,
it is possible to simulate thermal cycles at any position within the HAZ, without the inconvenience of
thermocouples installed inside it, in which this kind of installation changes the heat flow conditions in
the thermocouple vicinity.

By using the DHS model with the physical properties temperature dependent and appropriate
to the material, it was possible to obtain a good fit of the simulated isotherms to the HAZ revealed
contours, only by adjusting the melting temperature isotherm to the shape of the fusion zone without
the need of the weld pool length.

The advantage of DHS as proposed in relation to the analytical classic models is the possibility of
simulating a multipass welding by displacing the point heat sources into a current pass fused zone.

As a result, it is possible to obtain not only the adjacent HAZ of the current pass, as it is possible
to identify HAZ sub-regions of previous passes that were reheated. It is possible to identify regions of
local embrittlement because of multipass welding and evaluate them with tests like microhardness
measurements, impact Charpy, CTOD and others.

The IC-CGHAZ would be difficult to represent by any FEM software package because the
cross-section that can be performed on the heat source constitutes a single plane that does not represent
the locations where the maximum isotherm widths pass through the thickness of the specimen.
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Abstract: The objective of the present study is to investigate the effect of energy-input on the
mechanical properties of a 304 stainless-steel joint welded by continuous-drive rotary friction-welding
(RFW). RFW experiments were conducted over a wide range of welding parameters (welding pressure:
25–200 MPa, rotation speed: 500–2300 rpm, welding time: 4–20 s, and forging pressure: 100–200 MPa).
The results show that the energy-input has a significant effect on the tensile strength of RFW joints.
With the increase of energy-input, the tensile strength rapidly increases until reaching the maximum
value and then slightly decreases. An empirical model for energy-input was established based on
RFW experiments that cover a wide range of welding parameters. The accuracy of the model was
verified by extra RFW experiments. In addition, the model for optimal energy-input of different
forging pressures was obtained. To verify the accuracy of the model, the optimal energy-input of a
170 MPa forging pressure was calculated. Three RFW experiments in which energy-input was equal
to the calculated value were made. The joints’ tensile strength coefficients were 90%, 93%, and 96%
respectively, which proved that the model is accurate.

Keywords: rotary friction-welding; energy-input; joint mechanical properties

1. Introduction

Rotary friction-welding (RFW) is a method of manufacturing that has been used extensively
in recent times due to its advantages such as low heat input, production time, ease of manufacture,
and environment friendliness [1,2]. The main parameters of rotary friction-welding are welding
pressure, welding rotational speed, welding time, and forging pressure [3,4]. The influence of welding
parameters on joint performance has always been a research focus of rotary friction-welding, whether in
terms of numerical models or experiments. According to previous literature, it has been found that the
RFW joints’ tensile strength increases with the increase of friction time until it reaches a maximum
point, after which the tensile strength decreases [5]. The welding time determines the amount of heat
flux in the joint and the width of the heat-affect zone (HAZ), which increases as the welding time
increases [6]. Regarding welding pressure, it was found that friction pressure has a significant effect
on tensile strength and the width of HAZ, both of which increased along with the increase in friction
pressure until reaching a certain value [7]. In addition, friction pressure also affects the temperature
gradient, the required weld power, and the burn-off rate during the RFW process [2]. For the rotational
speed, numerical analyses found that an increase in rotational speed causes the weld interface to reach
a quasi-stable temperature quicker, which starts material extrusion earlier and increases the upsetting
rate remarkably [8]. The rotational speed also affects the heat input of the joint; thus, it has a significant
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effect on the notch tensile strength and impact toughness [9]. Moreover, the overall width of the weld
zone reduces with the increase of rotational speed [10].

As discussed above, the parameters of welding time, welding pressure, and rotational speed all
have a significant effect on joint performance when considered separately. However, in practical
applications of RFW, it is often necessary to adjust several welding parameters simultaneously
according to the actual condition, such as the welding material characteristics and the welding
machine’s condition. Therefore, it is necessary to evaluate the significance of each parameter on
joint performance when considering all parameters synthetically. Such an understanding will help to
improve the weld quality, to eliminate weld defects and transfer knowledge of welding procedures to
new conditions (e.g., for new geometry or new materials). It is generally known that welding pressure
and rotation speed determine the characteristics of the power input during the RFW process, and the
integral of power for welding time is the energy-input. For the RFW method, heat flux is generated
by the conversion of mechanical energy into thermal energy at the interface of the work pieces [11].
In addition, the amount of energy-input dictates a successful welding process, the quality of joint,
the shape of flash, the micro-structure, as well as the residual stress [12,13]. Therefore, it is reasonable
to use the energy-input as an index to characterize the joint performance comprehensively. In this work,
the effect of the energy-input on the joint’s mechanical property was investigated; an energy-input
model as a function of welding pressure, rotational speed, and welding time was obtained, and the
accuracy of the model was verified by experimental data. The model that describes the variation of
optimal energy-input with forging pressure also was established, and an excellent performance joint
was obtained based on the calculated optimal energy-input value.

2. Experimental Procedures

The specimen used in the present investigation was 304 stainless steel (304SS) rods with diameters
of 25 mm. The specimens were welded by the C320 (Friction Welding Eng. & Tech. Co. Ltd., Hanzhong,
Shaanxi, China) continuous-drive rotary friction-welding machine (maximum of 45 kW and 320 kN
forging load). According to our preliminary experiments and the literature on 304SS RFW [5,6,9,14],
the welding experiments were conducted using welding parameters in which the welding pressure
varied from 40 MPa to 200 MPa, rotational speed varied from 500 rpm to 2300 rpm, and welding time
varied from 4 s to 20 s, all while under forging pressures of 100 MPa, 120 MPa, 140 MPa, 160 MPa,
180 MPa, and 200 MPa, respectively. During the RFW process, the welding power was recorded by a
computer through an A/D converter with a sampling time of 0.01 s, and the surface temperature of
the joint was measured by an infrared thermal imaging instrument (Tec VarioCAM@hr, head-HS Infra,
Dresden, Germany) with a sampling time of 0.02 s. The data collected by the infrared thermography
instrument had been calibrated using the data that thermocouple collected, and the emissivity of 304SS
was determined to 0.8. Figure 1 shows the location of the experimental equipment and the diagram of
the temperature-detected area.

Figure 1. The (a) image of experimental equipment and (b) diagram of temperature detected area.
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After welding, the axial cross-section of the joint was obtained for microstructural examination.
The test specimens for Optical Microscope examination were mounted for polishing, then etched
by a reagent of 5 g of FeCl3 dissolved in dilute hydrochloric acid (15 mL HCl + 60 mL H2O).
The microstructure of the specimens was observed using a polarizing microscope (Olympus PMG3,
Missouri, TX, USA), and the microhardness was measured on the cross-section perpendicular to the
friction interface using a microhardness tester (Shimadzu HMV-2T, Dallas, TX, USA) under a load
of 2 N. The microhardness test area includes all of the welding zone. Tensile test specimens were
prepared according to GB/T228.1-2010. Figure 2 shows the geometry of the tensile test specimen.
Three sets of tensile testing were conducted on a tensile-testing machine (Instron 3382, loading range
0~100 kN) using a crosshead speed of 1mm/min at room temperature, and its mean value was taken.
Figure 3 displays a typical engineering stress-strain curve of the 304SS RFW joint. After tensile testing,
the fracture specimens were etched by the same reagent as described above, and the macro-morphology
of fracture surface were observed by SEM (JSM–6390A, JEOL, Tokyo, Japan).

Figure 2. The schematic diagram of tensile specimen.

Figure 3. Typical engineering stress-strain curve of 304 stainless steel (SS) rotary friction-welding
(RFW) joint (welding pressure is 40 MPa, rotation speed is 500 rpm, welding time is 9 s, and forging
pressure is 200 MPa).

3. Results and Discussion

3.1. The Relationship between Energy-Input and Tensile Strength

Figure 4 shows the variation trend of the joint’s tensile strength with energy-input under different
forging pressures. It can be seen that the tensile strength has the same variation trend with the change
of the energy-input, i.e., with an energy-input increase, the tensile strength increases until it reaches
a maximum and then decreases. In addition, an optimum energy-input exists for different forging
pressures that makes the joint have the highest tensile strength. (The variation characteristics of
optimum energy-input corresponding to forging pressure will be discussed in Section 4). Four group
experiments under a forging pressure of 200 MPa were selected to study the influence mechanism of
energy-input on the joint strength. They are numbered from No.1 to No.4, as indicated in Figure 4.
Table 1 lists the welding parameters, energy-input value, and tensile strength of these four experiments.
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Figure 4. The variation trend of the 304SS RFW joint’s tensile strength with energy-input under forging
pressures of (a) 100 MPa, (b) 120 MPa, (c)140 MPa, (d) 160 MPa, (e) 180 MPa, and (f) 200 MPa. The bars
associated with the tensile strength (the mean value of three tensile strength measurements) correspond
to standard deviations.

Table 1. Experiment parameters and the joint’s tensile strength under a forging pressure of 200 MPa.

No.
Friction Pressure

(MPa)
Rotation

Speed (rpm)
Friction Time (s)

Energy-Input
(kJ)

Average Tensile
Strength (MPa)

No.1 40 1200 4 25 603
No.2 40 500 9 35 698
No.3 120 800 7 55 635
No.4 160 1400 19 120 592

3.2. The Thermal Cycle of Different Joints

Figure 5 shows the evolution curves of the joint’s temperature of No.1 to No.4 specimens.
As shown in Figure 5a, the highest temperature of No.1 to No.4 specimens during the RFW process are
1100 ◦C, 939 ◦C, 1046 ◦C, and 1017 ◦C, respectively. On the other hand, the energy-input of No.1 to
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No.4 is 25 kJ, 35 kJ, 55 kJ, and 120 kJ, respectively. We can see that the maximum temperature has no
obvious variation regularity with the change of energy input, i.e., with the increase of energy-input,
the maximum temperature has no obvious increase or decrease trend. In fact, the joint’s temperature is
mainly influenced by the rotational speed and welding pressure [11,15]. However, the energy-input
determines the thermal cycle time of joint, i.e., the time from the weld beginning to the joint cooling to
room temperature. As seen in Figure 5b, when the energy-input increases from 25 kJ to 120 kJ,
the thermal cycle time increases from 478 s to 1157 s. The reason for this is that the more the
energy-input, the wider the area of joint that is heated during the welding process, which results in a
longer cooling time after welding.

Figure 5. The evolution of (a) temperature during RFW process and (b) cycle time with energy-input.

3.3. Variation of Microstructure with Energy-Input

Figure 6 shows the microstructure of base metal (BM). The BM employed in this study is 304SS
rods, of which the supply state is annealing treatment after rolling; thus, the initial microstructure
consists of uniform equiaxed grains with an average size of 26 μm.

Figure 6. Microstructure of the 304SS base metal.

Figure 7 shows the typical microstructure morphology of a welded joint. Three zones consisting
of weld zone (WZ), thermo-mechanically affected zone (TMAZ), and base metal (BZ) can be observed.

The WZ consists of equiaxed grains. The reason is that the WZ undergoes the most severe plastic
deformation and the highest temperature thermal cycle compared to other zones, which results in
sufficient dynamic recrystallization (DRX) occurring in the WZ. On other hand, partial DRX or no DRX
occurs in the TMAZ, and a large degree of bending deformation occurs in the TMAZ that results in a
clear radial flow direction existing in the microstructure.
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Figure 7. Typical microstructure cataloguing of 304SS joint welded by RFW.

Figure 8 shows the TMAZ microstructure of specimens No.1–No.4. The TMAZ grain sizes of
specimens No.1–No.4 are 50 μm, 30 μm, 32 μm and 40 μm, respectively. It should be noted that the
TMAZ grain size of specimen No.1 shows obvious coarsening (nearly two times that of the BM). This is
due to the energy-input of No.1, which is insufficient to induce partial DRX in the TMAZ. As Figure 5
shows, specimen No.1 experiences the shortest thermal cycle. Thus, the TMAZ grains of specimen No.1
mainly undergo torsion and elongation, which cause grain coarsening, as Figure 8a shows. However,
as Figure 8b shows, with the energy-input increasing, the average TMAZ grain size of specimen No.2
decreases to 30 μm. The main reason for the grain size reduction is that partial DRX occurs in the
TMAZ under the effect of welding thermal and plastic deformation. As the energy-input further
increases, the thermal cycle grows longer, and the grains of the TMAZ grow under the thermal effect.

Figure 8. The thermo-mechanically affected zone (TMAZ) microstructure of specimens (a) No.1,
(b) No.2, (c) No.3, and (d) No.4.
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Figure 9 presents the WZ microstructure of different specimens. The average WZ grain size
of specimens No.1–No.4 is 19 μm, 17 μm, 25 μm, and 40 μm, respectively. The WZ undergoes the
most severe plastic deformation and the highest temperature thermal cycle compared to other zones,
which results in adequate DRX occurring in this zone [16]. For specimens No.1 and No.2, the DRX
results in the fine grain in the WZ. However, when the energy-input increases, the size of WZ grains
increase due to the longer thermal cycle, which eventually results in the larger grains being generated
in the WZ of specimen No.4.

Figure 9. The weld zone (WZ) microstructure of specimens (a) No.1, (b) No.2, (c) No.3, and (d) No.4.

3.4. Hardness Distribution

The microhardness distribution throughout the welding surface from weld zone to base material
was measured. Figure 10a illustrates the direction of microhardness measurement, the hardness of
the WZ, TMAZ, HAZ, and BM, which were measured, respectively, for each joint. Figure 7b–e shows
the microhardness distribution of different joints. The results show that the average hardness value
of the BM is 213 Hv, and the average WZ hardness value of specimens No.1–No.4 were 252, 242, 230,
and 218 Hv, respectively. It can be observed that the WZ hardness of all four specimens was higher than
that of the BM. This is due to the strain hardening effect during the welding process [17]. In addition,
the WZ of sample No.1 is the area with the highest hardness of the whole joint; the same result also
exists in sample No.2. However, with the energy-input increasing, the highest hardness value of
specimens No.3 and No.4 occurs in the TMAZ. This is due to the grain size of the WZ becoming large
as the energy-input increases, as Figure 9 shows; moreover, the coarsening grains results in the decrease
in hardness [18,19]. When the energy-input increases to 120 kJ, i.e., specimen No.4, the hardening
of the WZ caused by strain is almost offset by the softening caused by grain growth [20]. Moreover,
the plastic deformation in the TMAZ turns severely as the energy-input increases, which results in
a more severe deformable hardening. It should be noted that an obvious softening phenomenon
appeared in the TMAZ of specimen No.1. The lowest TMAZ hardness of specimen No.1 is 198 Hv,
which decreases 7% compared with that of the BM. As discussed above, the average TMAZ grain
size of specimen No.1 is nearly two times of that of the BM, which leads to a decrease in hardness.
The low TMAZ hardness will make this zone a weak area of the joint, which we will discuss in next
section. In addition, the TMAZ hardness of specimen No.2 is slightly higher than that of the BM.
It also can be observed from Figure 10c that the hardness distribution of specimen No.2 is smooth
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and has no catastrophe point, which corresponds to the uniformity of the microstructure, as discussed
in Section 3.2.

(a) 

(b) 

(c) 

(d) 

(e) 

Figure 10. A diagram of the (a) microhardness test point and (b–e) microhardness distribution of
specimens No.1–No.4.

3.5. The Relationship of Tensile Specimen Fracture Zone and Energy-Input

Figure 11 represents the morphology of the fracture tensile specimen and the microstructure
near the fracture zone. From Figure 11a, it can be observed that the microstructure near the fracture
zone of specimen No.1 is the elongated coarse grain. By comparing this microstructure to the TMAZ
microstructure of specimen No.1, shown by Figure 8a, it is clear that the No.1 tensile specimen fractured
at the TMAZ. As discussed above, the TMAZ average grain size of specimen No.1 is 50 μm, and the
hardness of the TMAZ is 29% lower than that of BM. The coarse grain and low hardness lead to the
TMAZ becoming the weak zone of joint No.1. When the energy-input increases, no obvious grain

64



Metals 2018, 8, 908

coarsening area and softening zone occurs in joint No.2, which gives the joint its excellent mechanical
properties. Though the tensile specimen of No.2 also fractured at the TMAZ, the fracture surface of
No.2 is a curvilinear form, and the tensile strength of joint No.2 is 698 MPa, which is 94% of that
of the BM. As Figure 9c,d shows, the WZ grain size of joints No.3 and No.4 is obviously coarser
than that of the BM, which results in the No.3 and No.4 tensile specimens fracturing at the WZ,
as Figure 11c,d shows.

Figure 11. Photograph of macroscopic and microstructure of fracture tensile specimen.
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4. Modeling of the Energy-Input

To establish a model for energy-input with welding parameters as variables, we must first fit the
energy-input curve as a quadratic function, i.e.,

Q =
2

∑
i=0

Citi = C0 + C1t + C1t2 (1)

in which Q is energy-input, t is welding time, and C0, C1, and C2 are fitting coefficients.
Figure 12 shows the comparison of the calculated curves and experimentally measured curves

of energy-input. The fitting equation described by Equation (1) can be seen to fit very well with the
experimental data of energy-input. Table 2 lists the values of fitting coefficients C0, C1, and C2 for
different welding parameters.

Figure 12. Comparison between calculated and experimental values of energy-input under different
rotational speeds when welding pressure was constant at (a) 25 MPa, (b) 40 MPa, (c) 80 MPa,
(d) 120 MPa, and (e) 160 MPa.
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Table 2. The coefficient of different welding experiments.

P (MPa) N (rpm) C0 C1 C2

25

500 −3969.91 7720.94 −160.97
800 1792.98 6995.59 −144.81
1100 1594.45 6956.77 −160.58
1400 4350.03 6335.06 −137.91
1700 4423.71 6233.98 −131.23
2000 4319.92 5931.05 −121.72

40

500 −4249.60 7053.29 −128.14
1100 2637.38 6802.22 −157.76
1700 4130.76 6353.79 −149.41
2300 3590.85 6437.81 −163.03

80

500 −3599.73 8111.83 −121.67
800 2395.92 7738.01 −158.53
1100 3134.80 7545.50 −156.31
1400 3832.45 6973.78 −158.59
1700 4268.07 6899.27 −131.95
2300 4324.83 6509.14 −124.84

120

500 −4163.32 9006.37 −131.23
800 −2473.33 8864.62 −174.24
1100 1636.11 8242.70 −147.53
1400 1745.32 7831.08 −133.24
1700 3049.07 7313.38 −100.93
2300 3238.76 3238.76 −73.20

160

1100 825.70 8365.38 −90.80
1400 897.32 8165.46 −80.14
1700 1452.71 7813.79 −74.77
2300 1436.52 6701.22 −15.79

200
1100 359.98 9759.89 −94.88
1400 140.55 7950.32 −16.90

The equation of C0, C1, and C2, in which the variables are welding pressure and rotation speed,
can be obtained by regression analysis of the data in Table 2, i.e.,

C0 = −2305 − 13.20P + 3.69N (2)

C1 = 8237 + 12.31P − 1.58N (3)

C2 = −219 + 0.49P + 0.04N (4)

Taking Equations (2)–(4) into account in Equation (1), the energy-input can be expressed as a
formula of welding pressure, welding rotational speed, and welding time, i.e.,

Q = (−2305 − 13.20P + 3.69N ) + (8237 + 12.31P − 1.58N)t + (−219 + 0.49P + 0.04N)t2 (5)

To verify the accuracy of the model, extra welds were made with new parameters. Figure 13
shows the comparison of the calculated and experimental curves. As the results show, the model
closely predicts the actual energy-input data. As the weld experiments of Figure 13 were made with
parameters that are outside of those used in creating the model, they demonstrate that the model
accurately predicts the energy-input beyond the initially investigated parameters.
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Figure 13. Comparison between calculated and experimental values of energy-input under welding
parameters of (a) p = 200 MPa, N = 1400 rpm; (b) p = 80 MPa, N = 1200 rpm; (c) p = 100 MPa,
N = 1500 rpm; and (d) p = 140 MPa, N = 1500 rpm.

As discussed in Section 3.1, there is an optimal energy-input value that causes the joints to have
the maximum tensile strength under different forging pressures. Figure 14 shows the variation trend
of optimal energy-input for different forging pressures. The results indicate that the larger the forging
pressure, the less the optimal energy-input. The optimal energy-input decreases from 105 kJ to 35 kJ
when the forging pressure rises from 100 MPa to 200 MPa. The deformation is a necessary factor for
forming a RFW joint [21]. When the forging pressure is large, the joint is easily deformed, which means
a small amount of energy-input could obtain a stable joint [14,22]. As seen in Figure 14, a three-order
function fits the experimental data very well, which is in the following form:

Q = 690545 − 10642.84 p f + 58.96 p f
2 − 1106 × 10−4 p f

3 (6)

in which pf is the forging pressure.
Extra experiments under a forging pressure of 170 MPa, which are not included in those used

in establishing the model, were made to verify the accuracy of Equation (6). Firstly, the optimal
energy-input for a forging pressure of 170 MPa was calculated based on Equation (6), which was
41 kJ. Subsequently, two welding parameters (welding pressure, and speed and time) were randomly
set, and the other parameter can be calculated according to Equation (5). In this study, three group
experiments were made to verify the calculated optimal energy-input accuracy or otherwise disprove it.
The welding pressure and rotational speed of first group was 100 MPa and 1300 rpm, respectively,
and the calculated welding time was 6.1 s. The welding pressure and welding time of the second group
was 40 MPa and 8 s, respectively, and the calculated rotational speed was 2000 rpm. The rotational
speed and welding time of third group was 800 rpm and 5 s, respectively, and the calculated welding
pressure was 160 MPa. Table 3 shows the welding parameters and tensile strength of these three
verified experiments. As shown in Table 3, the strength of all the three joints was over 90% that of the
BM. It is proven that the optimal energy-input model (Equation (6)) is accurate.
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Figure 14. Variation trend of optimum energy-input with forging pressure.

Table 3. Welding parameters and tensile strength of verification experiments.

No. Friction Pressure (MPa) Rotation Speed (rpm) Friction Time (s) Tensile Strength (MPa)

No.5 100 1300 6 93%
No.6 40 2000 8 90%
No.7 160 800 5 96%

5. Conclusions

In this study, the effect of energy-input on the mechanical properties of RFW 304SS joints was
investigated. RFW experiments were conducted over a wide range of welding parameters. Based on
the results and discussion above, the conclusions are as follows:

(1) When forging pressure is kept constant, the tensile strength increases with the increase of
energy-input until reaching a maximum and then decreases.

(2) Though the maximum temperature has no obvious variation regularity with the change of
energy-input, the thermal cycle has a positive correlation with the increase of energy-input, i.e.,
as energy-input increases, the duration time from the commencement of welding to joint cooling
to room temperature increases.

(3) An empirical model was established that describes energy-input as a function of the welding
parameters. The accuracy of the model was verified by extra RFW experiments.

(4) An empirical model for the optimal energy-input of different forging pressures was obtained.
Then, the optimal energy-input for 170 MPa forging pressure was calculated. Three group
experiments were made based on the calculated energy-input value. The joints’ tensile strength
coefficients of these three experiments were 93%, 90%, and 96%, respectively. The results proved
the accuracy of the model for optimal energy-input.
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Abstract: In the present work, joining of a carbon fiber-reinforced polymer and dual phase 980 steel
was studied using the friction bit joining, adhesive bonding, and weldbonding processes. The friction
bit joining process was optimized for the maximum joint strength by varying the process parameters.
Then, the adhesive bonding and weld bonding (friction bit joining plus adhesive bonding) processes
were further developed. Lap shear tensile and cross-tension testing were used to assess the joint integrity
of each process. Fractured specimens were compared for the individual processes. The microstructures in
the joining bit ranged from tempered martensite to fully martensite in the cross-section view of friction
bit-joined specimens. Additionally, the thermal decomposition temperature of the as-received carbon
fiber composite was studied by thermogravimetric analysis. Fourier-transform infrared–attenuated
total reflectance spectroscopy and X-ray diffraction measurements showed minimal variations in the
absorption peak and diffraction peak patterns, indicating insignificant thermal degradation of the carbon
fiber matrix due to friction bit joining.

Keywords: dissimilar material joining; carbon fiber-reinforced polymer; dual-phase steel; friction bit
joining; adhesive bonding; weld bonding; mechanical strength

1. Introduction

Achieving lightweight, multi-material auto body structures is a critical goal for the automotive
industry to comply with government regulations (i.e., to improve fuel efficiency and reduce greenhouse
gas emissions) [1,2]. Currently, four types of lightweight materials—high-strength aluminum
alloys, magnesium alloys, ultra-high-strength/advanced high-strength steels (AHSSs), and polymer
composites (i.e., carbon fiber-reinforced polymers (CFRPs) and glass fiber-reinforced polymers)—have
been identified as substitutes for current steel and/or cast iron auto body structures. The selection
of lightweight materials should be carefully explored to produce multi-material structures while
satisfying the structural stability and safety performance requirements of vehicles.

Although various combinations of the four candidate materials are possible for potential lightweight
vehicles, one of the most interesting material combinations is CFRPs and AHSSs. This is because CFRPs
have high mechanical strength with a high strength-to-weight ratio [3,4]. Additionally, a high-strength
dual-phase (DP) steel with good mechanical properties [5,6] could be used as a thinner-gauge substitute
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in existing vehicle structures, leading to substantial weight reductions. However, because of the physical
and chemical dissimilarities of individual materials, the development of suitable joining technologies
is essential for enabling multi-material auto bodies. Recently, extensive research has been conducted
for joining carbon fiber composites to various metals (e.g., aluminum or magnesium alloys), using
laser welding [7,8], friction stir blind riveting [9], friction spot joining [10–12], ultrasonic welding [13],
adhesive bonding [14], friction lap welding [15,16], friction-based injection clinching joining [17],
self-piercing riveting [18,19], and hybrid bonding (adhesive + mechanical fastening) [20–22]. In addition,
very limited work has been focused on joining carbon fiber composites to steel [8,14,23,24]. However, the
hole clinching and self-piercing rivet processes have been shown to be difficult to apply to AHSSs (σTS

> 780 MPa) [25–27]. For this reason, no previous study has attempted to join carbon fiber composites
to DP980, potentially because of the limitations of the joining mechanism for each individual process.
Although adhesive bonding can be used for CFRPs and different grades of AHSSs, weak peel strength and
environmental degradation are key concerns [28]. Therefore, none of the joining technologies mentioned
is an easy or the sole way to join a carbon fiber composite and DP980.

In the present work, the authors applied the friction bit joining (FBJ) process to spot-weld carbon
fiber composites to DP980. Initially, various welding parameters were used to achieve the highest lap
joint strength for FBJ specimens. Next, adhesive bonding and weldbonding (FBJ + adhesive) processes
were further developed for the selected materials. The joint integrity for each process was assessed
by lap shear tensile and cross-tension testing. Fractured samples were observed and compared for
the individual processes. Vickers microhardness was measured on the cross-sectioned FBJ samples
to characterize hardness profile changes due to the evolution of microstructures during the joining
process. Optical and scanning electron microscopy were used to analyze the interfaces between the
joining bit and the CFRP. Additionally, thermogravimetric analysis (TGA) was conducted to study
the thermal decomposition temperature of the as-received CFRP. In a cross-sectioned FBJ specimen,
Fourier transform infrared–attenuated total reflectance (FTIR-ATR) spectroscopy and X-ray diffraction
(XRD) were used to study the thermal degradation of the CFRP close to the joining bit.

2. Materials and Methods

For the study, the authors purchased a commercially available carbon fiber composite with
2.0 mm-thick epoxy resin (TB Carbon PN.008, Tg = 120 ◦C) laminate reinforced with 34–36 wt% of
unidirectional carbon fibers (CP150NS, TB Carbon, Yangsan-si, Korea), which was used as a top sheet
material. The physical properties of carbon fiber are summarized in Table 1. The stacking sequence of
the carbon fiber layers followed the configuration [0◦/45◦/90◦] with four plies. The tensile strength of
carbon fiber composites was measured at 655 MPa. A 1.2 mm-thick DP980 was used as a bottom sheet
material. Joining bits were fabricated using the American Iron and Steel Institute (AISI, Washington,
DC, USA) 4140 alloy steel. The joining bit head was a hexagonal shape with 9.525 mm in width.
The shank diameter and length of joining bit were 6.6 and 4.57 mm, respectively.

Nominal chemical compositions and mechanical properties of each material are provided in Tables 2
and 3. Each material was cut and prepared with coupon dimensions of 100 mm in length × 25 mm in width
for lap joint specimens. The overlap area for the lap joint configuration was 25 × 25 mm2. A cross-tension
specimen composed of carbon fiber composite and DP980 had coupon dimensions of 150 mm in length ×
50 mm in width [25]. The hole size in the cross-tension specimen was 20 mm. The overlap area for the
cross-tension specimen was 50 by 50 mm2. Before the materials were joined, acetone and isopropyl alcohol
were used to remove any dirt and grease on both material surfaces.
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An STA 449 F1 Jupiter simultaneous thermal analyzer (Netzsch Gerätebau-GmbH, Selb, Germany)
was used to investigate the thermochemistry of the as-received carbon fiber composite. Differential
scanning calorimetry (DSC) was coupled with thermogravimetry with the aim of determining
incipient decomposition temperatures. Disc-shaped specimens taken from the as-received carbon
fiber composite, weighing 61.98 mg with a diameter of 6.4 mm and a thickness of around 2 mm,
were prepared to fit snugly and flush to the bottom of platinum crucibles supplied by Netzsch
(Selb, Germany). During FBJ, the peak temperature in the joining bit can be expected to exceed the
austenite transition temperature (A3) of steels [29]. For this reason, the maximum temperature was
set at 1000 ◦C for the thermogravimetry measurements. The samples were heated at a constant ramp
rate of 5 ◦C/min to 1000 ◦C in flowing ultra-high-purity argon gas at 100 cc/min. The change in
weight and a microvolt signal, due to the temperature difference between the sample and the reference
crucible, were recorded as functions of temperature.

FBJ is a two-stage joining process [30,31]. In the first stage (Figure 1b), the joining bit cuts
and plunges into the top material using a spindle speed of 2000 rev·min−1 and a plunge rate in
the z-direction of 171.5 mm·min−1. In the second stage (Figure 1c), the joining bit is bonded to the
bottom steel sheet by frictional heat and z-direction axial force. Various welding conditions were
tested to achieve the highest lap shear strength. After preliminary tests, the total plunge depth
by the joining bit and joining feed rate were fixed at 4.32 mm and 171.5 mm·min−1, respectively.
Then, different joining speeds in the range from 1500 to 2500 rev·min−1 were used to achieve the
maximum lap joint strength. Figure 2 is a schematic view of the lap joint-configured sample holder,
tool holder, joining bit, and clamping parts used for the present work.

Figure 1. A schematic of the friction bit joining (FBJ) process: (a) initial stage, (b) cutting and plunge
stage, and (c) joining stage.

Figure 2. Schematic view of the lap shear joint-configured sample holder and the clamped parts used
in this study.
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A commercially available adhesive, 3M Scotch-weld Epoxy DP460, was used for the adhesive
bonding and the weld bonding (FBJ + adhesive) processes. An applicator with a mixing nozzle that
supplies a 2:1 mixing ratio of resin to a hardener was used. A 250 μm glass bead was applied in the
joint area to maintain a constant adhesive bond line thickness. Then the adhesive was cured in an oven
for 1 h at 60 ◦C, as recommended by the manufacturer. For weldbonding, FBJ was conducted on a
cured specimen with the same welding process parameters.

Lap shear tensile tests were conducted using an MTS hydraulic test frame at a cross head rate
of 10 mm·min−1 and at room temperature. Spacers (25 × 25 mm2) were used to grip the samples to
prevent bending of the specimen during the lap shear test. The gripping area on the both ends was
25 × 25 mm2. Similarly, cross-tension tests were conducted with the same cross head rate as used
for the lap shear tensile tests and at room temperature. Each mechanical test was triplicated for each
joining process.

For cross-sectional analysis, FBJ samples were cross-sectioned and then mounted in epoxy resin.
Then the samples were finely polished using a common metallographic procedure. A 5% Nital solution
was used to etch the sample surface to reveal the microstructure. An optical microscope (Nikon
Epiphot, Nikon, Tokyo, Japan) and a high-resolution scanning electron microscope (SEM) (JELO 6500
FEG-SEM, Hitachi High-Technologies, Krefeld, Germany) were used to characterize the cross sections
of FBJ specimens. A Leco LM100 AT (Leco, Saint Joseph, MI, USA) was used to measure the Vickers
microhardness of FBJ specimens with the following conditions: a 500 g load, 13 s of dwell time, and 250
μm spacing.

XRD patterns of a thermally affected carbon fiber composite directly mated with DP980 and the
as-received CFRP were recorded using a PANalytical X’Pert Pro-MPD powder diffractometer (Malvern
Panalytical, Amelo, The Netherlands) equipped with a Si-based position-sensitive one-dimensional
detector and a nickel-filtered copper Kα radiation source. For the measurements, X-ray was
generated at 45 kV/40 mA at a beam wavelength of λ = 1.5416 × 10−10 m (copper Kα radiation).
The XRD measurements of the epoxy/carbon fiber multilayer were carried out in the reflection mode;
hence, the XRD probed the surface morphology of the outer epoxy layer.

FTIR-ATR spectroscopy (Bruker Optik GmbH, Ettlingen, Germany) with a Bruker Lumos FTIR
microscope in the ATR mode was used to probe the surface of the epoxy composite in close proximity
to the joining bit. The spectra represented an average of 128 scans with a spectral resolution of 4 cm−1.
Spectra from five different spots with a 300 μm spacing over a 1000 μm distance were obtained
using a line scan that originated at the interface between the joint bit and the carbon fiber composite.
A spectrum for the as-received carbon fiber composite was also collected as a reference.

3. Results and Discussion

3.1. Thermogravimetry and Differential Scanning Calorimetry Measurements for the As-Received Carbon
Fiber Composites

The results of the thermogravimetry-coupled DSC analysis of the as-received CFRP sample are
plotted in Figure 3. The STA 449 F1 instrument and software use the fundamentals of heat-flux DSC
to determine both reaction temperatures and the associated enthalpy (ΔHrxn). Figure 3 indicates
the as-received CFRP tested is thermally stable up to 290.5 ◦C. The mass of the sample precipitously
dropped immediately after the beginning of a sharp exothermic DSC signal. The sharp exothermic peak
could be due to interactions among leftover elements that might occur during thermal degradation of
the epoxy.
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Figure 3. The Thermogravimetry (TG) (green) and Differential Scanning Calorimetry (DSC) (blue)
signals from thermal analysis of the as-received carbon fiber reinforced polymer (CFRP) sample
showing an exothermic reaction accompanied by mass loss at 290.5 ◦C.

3.2. Lap Shear Tensile Testing and Fractorgraphy

The assembly for lap shear testing of the FBJ specimen is presented in Figure 4a. Lap shear tensile
testing was conducted to determine the static mechanical strength of the FBJ joints under optimized
welding conditions, as already summarized in Table 4.

 
Figure 4. Assembled FBJ specimen: (a) lap shear specimen and (b) cross-tension specimen.

Table 4. FBJ welding process parameters for joining of CFRP to DP980.

Plunge Speed
(rev·min−1)

Plunge Feed Rate
(mm·min−1)

Joining Speed
(rev·min−1)

Joining Feed Rate
(mm·min−1)

2000 171.5 2100 171.5

A summary of the average lap joint failure loads and lap shear strengths for each process is
plotted in Figure 5. A maximum lap joint failure load of 6.4 kN was achieved for FBJ specimens.
The average lap shear failure load was 6.0 kN when three samples were repeatedly tested. The average
lap shear failure loads for adhesive-bonded and weld-bonded specimens were 14.8 and 13.3 kN,
respectively. For weld-bonded coupons, a small reduction in the lap joint strength (approximately
10%), compared with the adhesive-bonded coupons, was attributed to thermal degradation of the
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cured adhesive on the periphery of the joining bit due to frictional heating. However, the lap joint
failure load of the weld-bonded specimen was almost twice higher than the failure load for the FBJ-only
coupon, indicating the mechanical joint strength was improved because the load distribution was
shared between the adhesive bonding and FBJ.

Figure 5. (a) Average lap shear failure load for FBJ, adhesive, and weld-bonded specimens. (b) Average
lap shear strength of FBJ, adhesive-, and weld-bonded specimens.

Similarly, Squires et al. [29] observed an improvement in the mechanical joint strength for a
high-strength aluminum alloy joined to steel by weld bonding. Di Franco et al. [32] also found
increased joint strength when self-pierce riveting was combined with adhesive bonding to join a
carbon fiber composite and aluminum sheet AA2024-T6. In addition, the presence of an adhesive layer
in the joint area can effectively act as an insulator or a barrier against corrosion media, resulting in
improvement in the corrosion resistance [33–35]. For this reason, weld bonding of carbon fiber
composites to lightweight metals may have the highest success rates for protecting against corrosion
under environmental conditions and for improving mechanical joint performance.

Because of the different joining processes, joint dimensions, and material combinations, a direct
comparison of FBJ, adhesive-bonded, and weld-bonded joint strength with data from the available
literature is not possible. For this reason, the maximum lap shear strength for the FBJ coupon was
calculated based on the shank diameter (6.6 mm) of the joining bit, yielding a value of 186 MPa.
Maximum lap shear strengths of 27.3 and 22.5 MPa were calculated for the adhesive bonding and weld
bonding cases, respectively, by using the overlap area (25 × 25 mm2) in the lap joint. This normalized
calculation has been used as a common practice [11,36]. Table 5 allows readers to compare the results
from this study with values for current state-of-the-art techniques for joining polymers to metals.
Again, direct comparison of different processes would be not applicable, as previously explained,
but general information of various joining techniques can be beneficial to readers. Overall, the results
from this study show higher or comparable lap shear strengths, compared with the strengths
demonstrated by other joining technologies.
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Figure 6 shows fractography results for different specimens from lap shear tensile testing. For FBJ,
the joining bit and DP980 were still intact, indicating good consolidated joining between the joining
bit and DP980. The failure mode was found to be shear out—one of the common fracture modes
(i.e., net tension, shear out, cleavage, and bearing) for composite joints—in cases, where the distance
between the hole edge and the edge of the laminate was small [37]. For adhesive bonding, delamination
of the carbon fiber composite matrix was observed, indicating good adhesion between the carbon
fiber composite surface and the adhesive. Mixed failure modes (i.e., shear out and delamination of
carbon fiber composites) were observed for weld-bonded samples, as a result of combining two joining
processes (i.e., FBJ and adhesive bonding).

Figure 6. Comparison of fractography results for lap shear-tested (a) FBJ, (b) adhesive-bonded, and (c)
weld-bonded specimens.

3.3. Cross Tension Testing and Fractorgraphy

Examples of final assembled cross-tension specimens joined by FBJ are shown in Figure 4b.
Representative load and displacement curves from cross-tension testing of the individual processes
are plotted in Figure 7. For FBJ, the peak failure load was found to be 2 kN; a maximum failure
load of 4.82 kN was achieved for the adhesive-bonded specimen. Two peak failure loads (4.51 and
2.59 kN) were found for the weld-bonded specimen because of the nature of the two combined joining
processes. Although the peak failure loads for adhesive-bonded (4.82 kN) and weld-bonded (4.51 kN)
specimens were similar, different failure modes were seen from the load and displacement curves.
The adhesive-bonded sample immediately failed at a displacement distance of 3.35 mm, whereas the
weld-bonded specimen failed after reaching the second peak load. This is because the friction bit
joint remained after the first failure of the adhesive-bonded coupon. It is worth mentioning that the
second peak failure load for the weld-bonded sample was close to the maximum failure load of the
FBJ-only sample.

Absorption energy is the ability to absorb energy under the mechanical testing condition, which is
important for crash or dynamic performance for autobody structures. Absorption energy for each
joining process was calculated by integration of load and displacement curved in Figure 7. Summary of
peak failure load, absorption energy, displacement at failure for each joining process is presented in
Table 6. Absorption energy of weld-bonded specimen is nearly twice higher than the absorption energy
of adhesive bonded case. Therefore, the weld bonding process can provide improved structural safety
performance compared with adhesive bonding and FBJ only.
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Figure 7. Representative load and displacement curves for cross-tension-tested FBJ, adhesive-bonded,
and weld-bonded specimens.

Table 6. Summary of cross-tension testing for each joining process.

Joining Process
Peak Failure Load

(kN)
Absorption Energy

(J)
Displacement at

Failure (mm)

FBJ 2 5.76 5.84
Adhesive bonding 4.82 11.19 3.35

Weld bonding 4.51 (1st peak)
2.59 (2nd peak) 26.19 10.52

Fractography results for cross-tension-tested individual specimens are provided in Figure 8.
For the FBJ specimen, the joining bit and DP980 remained in an intact condition, indicating
good metallurgical bonding between them, whereas the carbon fiber composite was pullout.
For adhesive-bonded specimens, mixed failure modes were observed, such as adhesive failure
(i.e., fracture at the interface between the adhesive and the carbon fiber composite) and some
delamination of the carbon fiber composite layer, as shown in Figure 8b. Finally, the weld-bonded
specimens showed complex failure modes, including carbon fiber composite pullout, some adhesive
failures, and some delamination of the composite matrix, as presented in Figure 8c. These mixed
failure modes for weld-bonded samples are thought to have resulted from the combined FBJ and
adhesive bonding processes.

Figure 8. Comparison of fractography for cross-tension-tested specimens: (a) FBJ, (b) adhesive-bonded,
and (c) weld-bonded.

3.4. Cross Sectional Analysis of Firction Bit-Joined Specimen

The Vickers microhardness distribution in the joining bit and DP980 (Figure 9a) is mapped in
Figure 9b, and microhardness profiles along the x direction with three dashed lines are shown in
Figure 9c. The average Vickers microhardness values for the joining bit and DP980 were measured
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at 322 and 320 HV, respectively. In the joining bit, the Vickers microhardness increased up to 760 HV
because of the evolution of the microstructure from tempered martensite to fully martensite, as a
result of rapid heating and cooling cycle during the joining stage. This result indicates that the peak
temperature during the heating cycle was above the A3 temperature of typical steels [29,30].

Figure 9. (a) Cross-sectional view of FBJ specimen; (b) Vickers microhardness mapping at cross section
of FBJ specimen; (c) Vickers microhardness profile along the x direction.

Figure 10 shows optical and magnified SEM images from the cross-sectioned FBJ specimen.
In Figure 10a, consolidated bonding between the joining bit and DP980 is observed without any
cracks. Figure 10b,c shows SEM images near the joining bit and carbon fiber composite. At the
distance ranging from 0.5 to 1.0 mm away from the edge of the joining bit, the gap between the
CFRP and the joining bit was filled by the CFRP matrix. In this region, carbon fibers near the joining
bit were redirected by the rotational motion of the joining bit during the joining step, as seen in
Figure 10d,e. This redirection of the carbon fibers was also seen in other studies, in which rotation of a
rivet occurred [38]. The remaining area was the base CFRP material, in which the carbon fibers were
aligned as manufactured.

Based on the joint configuration and bonding mechanism, the CFRP matrix closer to the polymer
and metal (i.e., joining bit and DP980) interface will be affected by frictional heating generated during
the plunge and joining stages, as illustrated in Figure 1b,c. In the plunge stage, the joining bit cuts
and plunges into the CFRP, resulting in increasing temperature in the CFRP. Because no outgassing
was observed in the plunge stage during the FBJ process, the peak temperature generated in the
carbon fiber composite was expected to be lower than the decomposition temperature of 290.5 ◦C for
the composite.

During the joining step, great frictional heat is generated when the joining bit engages the steel
substrate with a higher spindle rotational speed and a higher axial plunge load. Two scenarios of
frictional heat conduction can be anticipated. First, frictional heat will radially diffuse into the steel
substrate from the joining bit. Then, frictional heat will be conducted from the bottom steel sheet to
carbon fiber composites when they directly contact the steel substrate, as a result of being clamped to
it, as shown in Figure 2. However, the peak temperature of the steel substrate will decrease because of
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the large thermal mass from the fixture substrate. Figure 6a shows a thermally affected radial area
of the carbon fiber composite, which whitened slightly. XRD was used to find any noticeable peak
changes in the thermally affected radial areas of the CFRP and as-received carbon fiber composites.
Figure 11 exhibits the typical amorphous phase of the epoxy [39]. Note that the XRD patterns of the
two zones are essentially identical, implying that the thermal degradation is ignorable.

Figure 10. (a) Macrograph of FBJ cross-section view. (b,d) SEM images of the left side of FBJ cross
section (c,e). SEM images of the right side of FBJ cross section.

Figure 11. X-ray diffraction patterns measured the indicated area of lap joint. Zone A: thermally
affected area shown in Figure 6a. Zone B: as-received CFRP.

Next, heat conduction from the joint bit to the surrounding carbon fiber composite was considered.
As mentioned earlier, the peak temperature of the joining bit during the joining step can exceed the A3
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temperature, as evidenced by the Vickers microhardness measurements. The high temperature can
lead to localized degassing of the polymer matrix adjacent to the joining bit due to the relatively short
weld time (~0.8 s) and low thermal diffusivity (1.2–2.0 m2·s−1) of the carbon fiber composite [40,41].
For this reason, the remaining polymer composite was not expected to suffer from frictional heat.
A cross-sectioned FBJ sample was subjected to FTIR-ATR spectroscopy to examine the surface of the
epoxy composite in close proximity to the joining bit to determine if frictional heat from the joining
process led to significant polymer degradation. Figure 12 shows characteristic absorption peaks for
epoxy resin systems at five different locations and for a reference layer [42,43]. Although there are
minor variations in the data, they are qualitatively similar; it can be concluded that if any thermal
degradation occurs during the joining process, it is insignificant.

Figure 12. FTIR spectra with different locations (colored dots in the image) measured at the interface
between the joining bit and CFRP.

4. Conclusions

Joining of carbon fiber composites and DP980 was successfully demonstrated by FBJ, adhesive
bonding, and weld bonding. Average lap shear failure peak loads were found to be 6.0, 14.8,
and 13.3 kN for FBJ, adhesive-bonded, and weld-bonded specimens, respectively. The obtained lap
shear failure load for each joining process was higher than or comparable to the joint strengths found
in the open literature. Cross-tension failure loads were 2.0 and 4.82 kN for FBJ and adhesive-bonded
coupons, respectively; and the weld-bonded specimens showed two distinctive peak failure loads of
4.51 and 2.59 kN due to the combination of FBJ and adhesive joining. Thermogravimetry measurements
indicated that the as-received CFRP will decompose starting at 290.5 ◦C. FTIR and XRD results showed
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limited variations in the peak patterns, including insignificant thermal degradation of the carbon fiber
matrix as a result of FBJ.
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Abstract: The ultrasonic inspection of thick-walled welded joint with austenitic weld metal has
proven to be a challenge due to its anisotropic microstructure that can promote ultrasonic waves
attenuation. This work aimed to optimize the phased array ultrasonic inspection of the thick-walled
joint of a 9% Ni steel pipe welded with Ni-based superalloy 625. The development was carried out
by CIVA numeric simulation to preview the beam behavior during the inspection of GTAW (Gas
Tungsten Arc Welding)/SMAW (Shielded Metal Arc Welding) joint with anisotropic weld metal.
To validate the simulation results, experimental tests were performed with a phased array transducer
using longitudinal waves on a calibration block withdrawn from the joint. The configuration of low
frequency (2.25 MHz), 16 active elements and a scanning angle of 48◦ ensured the inspection of the
entire joint and the computational simulation proved to be essential for the success of the inspection.

Keywords: phased array ultrasonic; dissimilar weldments; anisotropy; longitudinal wave; simulation

1. Introduction

Cryogenic 9% Ni steel has been used almost exclusively in the storage and transport of liquefied
gases in the form of sheets of small and medium thicknesses. Nevertheless, at the beginning of the
decade of 2010, 9% Ni steel found a new application as CO2 injection equipment in Brazil pre-salt oil
and gas wells. Due to the high pressure in these wells (approximately 550 bar/55 MPa), thick 9% Ni
steel pipes are being used for the first time in the world [1].

The ultrasonic inspection with phased array of the thick-walled girth welded joints with an
austenitic weld metal, such as a 9% Ni steel pipe welded with nickel superalloy 625 as the filler metal,
has been a huge challenge for the oil and gas industry. The weld metal of this type of dissimilar welded
joint has an anisotropic structure, which attenuates the ultrasonic waves and diverts the beam, making
the establishment of the best inspection conditions extremely difficult and laborious. Many research
works [2–6] have been carried out to describe the influence of the solidification structures and its effect
on the propagation of ultrasonic wave. Since the critical defects in this type of joint are mainly found
in the root of the weld, due to the corrosive fluid contact in the inner surface of the pipe, it is very
important for the ultrasonic inspection to ensure the sizing of defects in this region.
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Faced by this situation, our research team began an investigation using numerical simulation
to preview the ultrasonic behavior during the inspection of welded joints of 9% Ni high thickness
steel pipes with austenitic alloy as the filler metal. The major aim of this work is to establish the
best conditions in which to optimize the phased array ultrasonic inspection of welded dissimilar
steel tubular joints by drawing up an ultrasonic numeric simulation study and using ES Beam Tool
software 4th version from the Eclipse Scientific Company (Canada) and the 11th version of CIVA
from the Extende® Company (France). The simulation was essential, since it would be difficult,
costly and time-consuming to obtain the best ultrasonic inspection technique with only experimental
procedures. To validate the simulation results and ensure the effectiveness and precision of the
inspection, experimental tests were performed using a phased array transducer with longitudinal linear
waves on a calibration block, withdrawn from a joint fabricated by GTAW/SMAW welding processes.

The grains in austenitic weld metals grow parallel to the direction of the heat flow, thus forming
a dendritic microstructure during cooling. In spite of the heat promoted by the successive welding
passes deposition, it is not sufficient to ensure a modification in the structure of the elongated and
crystallography-oriented grains formed in the previous welding pass deposition. These grains are
approximately vertical along the center of the weld metal and are perpendicular to the fusion line,
giving this region an anisotropic structure and a particular symmetry of long austenitic columnar
grains [6].

During welding thermal cycles, austenitic weld metals alloys, such as nickel superalloy 625,
do not experience phase transformation, which promotes the extensive growth of columnar grain.
These anisotropic grains of the weld metal may promote beam deflection and consequently interfere
with defect detection. There are many works [7–9] that tried to model the deflection that the austenitic
weld metal can promote in the propagation of ultrasonic waves. Hirsekorn [10] compared the effect of
ultrasonic longitudinal and transversal waves in austenitic weld metals and concluded that the sonic
speed and the beam deflection are different according to the scanning incidence angle. For longitudinal
waves, the scanning incidence angles, which represent the minimum beam deflection, are between 45◦

and 52◦.
The attenuation coefficient α is a parameter composed by the sum of the absorption coefficient αa

and the scattering coefficient αs. The energy absorption is affected by the interaction of the ultrasonic
wave with the imperfections of the material lattice, while the scattering relies on the grain structure of
the material [11].

The relation between the grain size and wavelength of the weld metal is an important feature
that influences the ultrasonic attenuating effect. According to this relation, the beam scattering may be
divided into three regimes: Rayleigh (λ >> D), Stochastic (λ ≈ D) and Diffusive (λ << D), where λ is
the wavelength and D the grain size. As will be shown in the Results and Discussions, for the settings
used in this work, the Rayleigh regime was the best fit. The scattering in a Rayleigh regime is described
by Equation (1) [12]:

∝s(f ) = aD3f 4 (1)

where a = scattering coefficient; f = frequency.
As the attenuation is directly proportional to the frequency of the four powers, decreasing the

frequency results in a decrease of the attenuation effect. Flotté and Bittendiebel [13] suggested the
use of a frequency that would guarantee the defect sensibility without compromising the attenuation
necessary for the inspection. In his work, a 2.25 MHz transducer was used.

In an anisotropic material, the average diameter of the grain will depend on the wave
propagation direction and Equation (1) cannot be generalized for all directions in anisotropic media.
This observation was also cited by Hirsekorn [10], who said that the scattering coefficient is also
dependent on the beam to grain angle.

In addition to the scattering, the inspection might also be affected by reflection and refraction.
When the weld metal fiber texture is anisotropic and the base metal has an isotropic fine grain, beam
reflections, beam refractions and mode conversion may occur at the fusion line. Volkov et al. [14]
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described that for scanning incidence angles larger than ~30◦, the reflection coefficient of the
longitudinal waves is smaller than 0.05, while for vertically polarized transverse waves, this value of
reflection was only obtained for angles larger than ~60◦.

Increasing the sound pressure is a way to improve the beam response. In this case, it is
necessary to provide more energy to promote deeper penetration and a higher reliability of detection.
Sound pressure, when the phased array technique is used, relies on the number of active elements,
focal distance, propagation angle, ultrasonic speed and transducer frequency. As the number of active
elements grows, the sound pressure increases, although it is important to take into consideration the
signal-to-noise ratio coming from the inspection of austenitic metals [15]. When the number of active
elements decreases, the beam focusing gets diffused and the sonic pressure is reduced, promoting a
lower concentration at the analyzed point. On the other hand, when the number of elements is very
big, the noise also increases and can hide real defects.

The directivity of the sonic beam and the angle of incidence can be adjusted to maximize the beam
convergence (focusing). Lee and Choi [16] described the focalization can reduce the area of dispersion
while the echo of discontinuities remains constant, thus resulting in a higher sound pressure and
signal-to-noise ratio. The directivity relies on the probe design, which is composed of the number and
width of active elements, pitch, frequency and bandwidth.

The results showed that with the proper combination of phased array ultrasonic parameters, it is
possible to inspect the HAZ (Heat Affected Zone) and the whole weld metal of thick-walled 9% Ni
welded joints, thus providing security for this new application in the Brazilian pre-salt industry.

2. Materials and Methods

2.1. Materials

To develop this work, a 9% Ni steel pipe was used with an 8” (203.2 mm) nominal internal
diameter and 1 1

4 ” (31. 5 mm) thickness, quenched and tempered as recommended by ASTM A333
grade 8. The pipe was gas tungsten arc welded (GTAW) for root and hot passes and shielded metal
arc welded (SMAW) for fill and cap passes. The adopted filler metals were Ni-based superalloy 625
(ERNiCrMo-3/AWS A5.14 and ENiCrMo-3/AWS A5.11 for GTAW and SMAW, respectively). Table 1
shows the specified and analyzed mechanical properties of the base metal and typical values of the
mechanical properties of the filler metals and Table 2 shows the specified and analyzed chemical
compositions (wt.%) of the base, filler and weld metals, respectively.

Table 1. Specified and analyzed mechanical properties-yield strength (YS), ultimate tensile strength
(UTS), elongation (El.) and Charpy V energy at −196 ◦C (CVEn) and lateral expansion (CVEx)-of the
base metal and typical values of filler metals mechanical properties.

Mechanical Properties

Base metal ATSM A333 Gr.8
(9% Ni Steel)

Filler Metal Ni-Based Superalloy 625

GTAW SMAW

Specified (min.) [17] Anal. Typical Values

YS (MPa) 515 693 510 530
UTS (MPa) 690 740 770 770

El. (%) 22 25 42 30
CVEn (J) N.A. 146 70 45

CVEx (mils/mm) 14.96/0.38 70/1.78 N.A. N.A.

Where: N.A. means not applicable and Anal. means analyzed.
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Table 2. Specified and analyzed chemical compositions (wt.%) of the base, filler and weld metals.

Element

Chemical Composition (wt.%)

Base Metal (9% Ni)
Filler Metal Ni-Based Superalloy 625 Weld

MetalGTAW SMAW

Specified ASTM
A333 (max.) [17]

Anal.
Specified AWS

A5.14 [18]
Anal.

Specified AWS
A5.11 [19]

Anal. Anal.

C 0.13 0.061 <0.1 0.008 <0.1 0.034 0.0326
Mn 0.9 0.607 <0.5 0.02 <1.0 0.68 0.887
Si 0.13/0.32 0.279 <0.5 0.05 <0.75 0.35 0.494
P 0.025 <0.005 <0.02 0.006 <0.03 0.010 0.0035
S 0.025 <0.005 <0.015 0.000 <0.02 0.003 0.0088

Ni 8.4/9.6 9.70 >58 65.10 >55 62.8 63.1
Cu N.A. <0.005 <0.5 0.03 <0.5 0.00 0.0061
Ti N.A. 0.0061 <0.4 0.183 N.A. 0.05 0.0694
Cr N.A. 0.0565 20/23 21.66 20/23 21.83 20
Mo N.A. 0.0142 8/10 8.73 8/10 8.80 8.95
Fe Balance 89.200 <0.5 0.430 <7.0 1.84 2.49
Pb N.A. <0.005 <0.5 0.000 N.A. N.A. 0.0504
Al N.A. 0.0218 <0.4 0.140 N.A. N.A. <0.0005

Nb + Ta N.A. <0.005 3.15/4.15 3.66 3.15/4.15 3.497 3.478
Co N.A. N.A. N.A. N.A. 0.12 N.A. N.A.

Where: N.A. means not applicable and Anal. means analyze.

2.2. Welding Procedure

The whole welding procedure was monitored by data acquisition equipment (IMC SAP 4.0
System). Figures 1 and 2 show the joint design and the illustration of butt joint weld passes distribution,
respectively; Table 3 shows the adopted welding parameters.

Figure 1. Design of the 9% Ni steel circumferential pipe butt joint.

Figure 2. Illustration of the butt joint weld passes distribution.
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Table 3. Processes and parameters adopted to girth weld the 9% Ni quenched and tempered steel
tubular butt joint with Ni-based superalloy 625 as the filler metal.

Welding

Parameters

Process

GTAW SMAW

Root Hot Fill Cap

Amperage (A) 126 126 90 89
Voltage (V) 11 11 26 26

Welding speed (cm/min) 5.6 7.3 12.6 18
Heat input (kJ/mm) 1.5 1.1 1.2 0.9

Gas type* and flow rate (l/min) Shield Ar/12 Ar/12 N.A. N.A.
Purge Ar/25 Ar/25 N.A. N.A.

* 99.995% purity. Where: N.A. means not applicable.

2.3. Simulation Procedure

The software CIVA 11th version (Extende®, Massy, France) was used to simulate the path of
the ultrasonic beam through the welded joint. To perform the scanning simulations using linear
longitudinal waves, the weld reinforcement was removed to allow direct incidence promoted by the
wedge passing over the weld metal, since longitudinal waves work only with a half skip because most
of the energy of the incident sonic beam is lost to a converted transverse wave after reflection.

The geometry made in the software was based on a cross-sectional macrograph of the weld joint.
Figure 3 shows the weld passes, grouped by blocks with the same characteristic cooling directions and
highlighted by a CAD (Computer-Aided Design) drawing overlap. The arrow directions represent
the average growth of the dendrites of the weld metal and the arrow senses represent the direction
of the temperature gradient. This information is important to define the scanning incidence angles
that allow for the least attenuation effect. The root region presented a refined microstructure and it
was considered isotropic similar to the base metal. The weld metal was set with the assumption of
an orthotropic symmetry and the elastic constant was extracted from the software database, which is
presented in Table 4. Figure 3 also shows a SEM (Scanning Electron Microscope) micrograph of the
HAZ near to the fusion line.

  
(a) (b) 

Figure 3. Macrograph of the 9% Ni steel pipe welded butt joint showing the weld passes highlighted
by CAD drawing overlay and the directions of dendrite growth ((a), arrows) and SEM micrograph of
the HAZ near the fusion line (b).
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Table 4. Elastic constants (in GPA) for austenitic stainless steel extracted from the CIVA database.

C11 C22 C33 C23 C13 C12 C44 C55 C66

250 250 250 138 180 112 117 91 70

After determining the scanning angles (45◦, 48◦ and 52◦), the software ES Beam Tool was to
used preview the ultrasonic beam scanning with different indexes and number of elements, aiming to
verify whether these parameters would ensure the coverage of the whole target region (weld metal).
The beam opening was projected through the transversal welded joint section. The scanning previews
for 45◦, 16 active elements and indexes 10, 23, 35 and 48 mm are presented in Figure 4. The same
analysis was made for angles of 48◦ and 52◦.

  
(a) (b) 

 
(c) (d) 

Figure 4. Simulation of inspection with scanning angle of 45◦ and 16 active elements. Indexes: (a) 10 mm,
(b) 23 mm, (c) 35 mm and (d) 48 mm.

The final definition of the scanning incidence angles, number of active elements and indexes used
in the CIVA simulation are described in the Table 5.

Table 5. Number of active elements, scanning angles and indexes of the CIVA simulation.

Scanning Angle (◦) No. of Active Elements Index (mm)

45
16, 24, 32 23

16 10, 35, 48

48
16, 24, 32 22

16 8, 35, 49

52
16, 24, 32 18

16 3, 32, 46

2.4. Inspection Procedure

For inspection procedures, a phased array device, Omniscan MX2 32-128 (Olympus, Tokyo,
Japan) [20], a wedge SA32-N60L-IHC (Olympus, Tokyo, Japan) and a phased array transducer

92



Metals 2018, 8, 787

2.25L32-A32 with frequency of 2.25 MHz and 32 active elements (maximum capacity) (Olympus,
Tokyo, Japan) were used. The sonic speed and the sonic attenuation of the material were obtained
through the calibration blocks. The transducer was positioned over the analyzed region and the speed
was adjusted until the material’s real thickness was found. For attenuation, the gain between two
consecutive echoes was measured. The speed and the attenuation were evaluated in the middle of the
weld metal and in the base metal. These values were obtained using a standard ultrasound transducer
with no angulation (0◦).

Since the CIVA simulation highlighted the best results for 16 active elements, taking into
consideration the attenuation and the beam coverage, the other conditions (24 and 32 active elements)
were dismissed. Table 6 presents the final configurations used in the experimental tests.

Table 6. Number of active elements, scanning angles and indexes of inspection procedures with an
Olympus 2.25L-32-A32 transducer (2.25 MHz).

Scanning Angle (◦) No. of Active Elements Index (mm)

45
16

10, 23, 35, 48
48 8, 22, 35, 49
52 3, 18, 32, 46

3. Results and Discussions

3.1. Beam Attenuation

When the grains of the weld metal are randomly oriented and small enough when compared
to the wavelength, its microstructure does not interfere with its acoustic properties. However, when
there are coarse crystallography-oriented grains, the sound propagation is affected by the deviation
of the ultrasonic beam, resulting in a worse signal-to-noise ratio. These factors cause an increase in
the difficulty of the interpretation of the ultrasonic signal, which ends up being reflected in the loss of
accuracy of the location and the dimensioning of the defects, thus making it difficult to distinguish
between real defects and false indications [12].

In previews tests with longitudinal and transversal waves, the sonic attenuation and sonic speed
were verified in the base metal and in the weld metal. Table 7 summarizes the values obtained. Due to
the less attenuation, the longitudinal waves were chosen to develop this work.

Table 7. Sonic attenuation and sonic speed in the base metal and in the weld metal.

Wave Type
Base Metal Weld Metal

Sonic Speed Attenuation Sonic Speed Attenuation

Longitudinal wave 5820 m/s 0.098 dB/mm 5840 m/s 0.186 dB/mm
Transversal wave 3150 m/s 0.131 dB/mm 3075 m/s 0.220 dB/mm

For longitudinal waves with a sonic speed of 5840 m/s and a frequency of 2.25 MHz,
the wavelength (λ) is approximately 2595 μm, which is considerably larger than the average grain size
of the weld metal (94.6 μm) and the average grain size in the fusion line (158 μm), thus agreeing with
Rayleigh beam scattering (λ >> D). Figure 5 shows the distribution, size and orientation of the grains,
produced by EBSD (Electron Backscatter Diffraction) analysis in the center of the weld metal and near
to the fusion boundary. These two regions were chosen to show the anisotropy along the metal and
the epitaxial growth behavior of the grain next to the fusion line.
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(a) (b) 

 
(c) (d) 

Figure 5. EBSD images of the (a) fusion line and the (b) weld metal. Below the EBSD images, are the
distributions of grain size in the respective regions (c,d).

The EBSD is a microstructural and crystallographic characterization technique used to identify
the grain morphology, grain orientation, phased, texture and deformation of polycrystalline materials.
The analysis is conducted by an EBSD detector attached to SEM.

3.2. Simulation

The ultrasonic beam and its attenuation are represented by the pink color and the blue region
depicts a collimated ultrasonic beam with high sonic pressure. The results of the linear scanning with
longitudinal wave and scanning angle of 45◦; the results for different active elements are presented in
Figure 6.

Figure 6. Longitudinal wave inspection. Scanning angle of 45◦, index 23 mm. Number of elements:
(a) 16, (b) 24 and (c) 32.
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Figure 6a shows the ultrasonic beam passing through the weld metal with little attenuation and
concentration near the weld cap. As the number of active elements grows, the attenuation effect
intensifies, as seen in Figure 6b,c, which used 24 and 32 elements, respectively.

As expressed in theory [15], as the number of active elements grows, the sound pressure increases.
However, it is important to take into consideration the signal-to-noise ratio coming from the inspection
of austenitic metal. The phased array ultrasonic generates a group of delayed waves, controlled by the
focal law, which propagates a maximized wave front into the austenitic microstructure. The different
microstructures, grain sizes and grain orientations between the base (9% Ni steel) and weld (Ni-based
superalloy 625) metals might cause a deviation of the waves generated by each activated element,
which causes backscattering signals from the microstructure noise. Thus, the relation between sonic
pressure and the signal-to-noise ratio must be analyzed for each focal law.

The analysis of the simulation with 16 active elements for a linear 45◦ angled beam demonstrates
a good sound pressure and low attenuation of the beam inside the welded joint. From these results,
the scanning indexes were varied, aiming to cover the whole weld metal (Figure 7).

Figure 7. Longitudinal wave inspection. Scanning angle of 45◦ with 16 elements. Indexes: (a) 10 mm,
(b) 23 mm, (c) 35 mm and (d) 48 mm.

The results of Figure 7a show high coverage on the weld bevel with low divergence and the sonic
beam extends to the root region. In Figure 7b, the beam covered most of the weld metal, demonstrating
a low divergence at the index of 23 mm. To cover the welded joint, 2 more indexes were made, as
shown in Figure 7c,d, where the beam does not show attenuation or divergence.

The results of linear scanning with a longitudinal wave and a scanning angle of 48◦ are presented
in Figure 8.

Figure 8a shows the 16 active elements of ultrasonic beam passing through the weld metal with
little attenuation. As the number of active elements grows, the attenuation effect intensifies, as seen in
Figure 8b,c, the values of which were obtained with 24 and 32 elements, respectively. As made for the
scanning angle of 45◦, the indexes ware varied and aimed to cover the whole weld metal. The results
are shown in Figure 9. For an index of 8 mm, the sonic beam has low divergence and shows high
coverage of the fusion line in the root region (Figure 9a). In Figure 9b, the beam covers most of the
welded joint with low divergence for an index of 22 mm. To cover all of the welded joint, more than
two indexes were made (Figure 9c,d). Using scanning indexes of 8 mm, 22 mm, 35 mm and 49 mm,
it was possible to cover the whole welded joint. It may also be noted that there is excessive collimation
in Figure 9b–d, which can oversize the defects.
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Figure 8. Longitudinal wave inspection. Scanning angle of 48◦, index 22 mm. Number of elements:
(a) 16, (b) 24 and (c) 32.

Figure 9. Longitudinal wave inspection. Scanning angle of 48◦ with 16 elements. Indexes: (a) 8 mm,
(b) 22 mm, (c) 35 mm and (d) 49 mm.

Another linear beam angle analyzed was 52◦, which was observed for the same number of active
elements. Even the result of the 16 active elements showed a good coverage and the image shows a
divergence of the beam angle direction and attenuation of some areas near the root. The results of the
linear scanning with angle 52◦ are presented in Figure 10.

As the number of active elements grows from 24 to 32 (Figure 10b,c), the attenuation effect
intensifies. The same methodology was made for this angle by choosing 16 active elements for the
different scanning index analyses (Figure 11). More points of attenuation are visible near the centerline
of the welded joint and the beam shows a divergence with indexes of 3 and 18 mm (Figure 11a,b).
To cover all of the welded joint, it was necessary to insert 2 more indexes: 32 mm and 46 mm. The first
one expressed a good behavior of the ultrasonic beam (Figure 11c); the second one (Figure 11d)
expressed low attenuation or divergence of the ultrasonic beam.
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Figure 10. Longitudinal wave inspection. Scanning angle of 52◦, index 18 mm. Number of elements:
(a) 16, (b) 24 and (c) 32.

Figure 11. Longitudinal wave inspection. Scanning angle of 52◦, with 16 elements. Indexes: (a) 3 mm,
(b) 18 mm, (c) 32 mm and (d) 46 mm.

Angles outside the range of 40◦–50◦ may promote significant beam attenuation, especially for
austenitic metals, such as the Ni-based superalloy 625. In case of misunderstanding the metal
microstructure, the scan parameters can be erroneously selected and because of that, the estimated
discontinuity size detected by ultrasonic inspection may not coincide with its real size or real position
in the weld metal. Table 8 shows the simulation results summarized.
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Table 8. Summary of the simulation results.

Objective Angle (◦) No. of Active Elements Index (mm) Simulation Results

Analyze the influence of
varying the number of active
elements in the ultrasonic
beam propagation through
the material.

45◦
16/24/32

23 Attenuation grows as the number of
active elements increases. For all the
scanning angles the best results, that
is, high coverage and low attenuation
were the configuration of 16 elements.

48◦ 22

52◦ 18

Analysis of the ultrasonic
beam coverage in the welded
joint for different
scanning indexes.

45◦ 16 10/23/35/48
All indexes showed high coverage
and low attenuation on the weld
bevel and on the weld metal.

48◦ 16 8/22/35/49

All indexes showed low divergence
and high coverage on the fusion line
and root region. Although, there was
excessive beam collimation near the
weld cap for the indexes of 22, 35 and
49 mm.

52◦ 16 3/18/32/46

Beam divergence was observed in the
centerline of the weld for indexes of 3
and 18 mm. For 32 and 46 mm,
the attenuation and divergence
were low.

3.3. Experimentation

The experimental tests were performed using the results obtained in the 16 active elements of
CIVA simulation, so that the results of both techniques could be compared. The calibration block
was withdrawn from the GTAW/SMAW welded joint. The weld reinforcement was removed and 3
through-holes with a 2.25 mm diameter were machined, as recommended by ASME Section V-article 4.
The simulation of sensitivity calibration with longitudinal waves in the calibration block is shown in
Figure 12.

Figure 12. Simulation of sensitivity calibration with longitudinal waves in the calibration block,
withdrawn from the 9% Ni quenched and tempered steel pipe joint welded with GTAW and SMAW
processes using Ni-based superalloy 625 as the filler metal.

The transducer wedge was positioned on the calibration block to allow the sonic beam to strike
over the third hole, near the root of the welded joint. For ultrasonic scanning with an angle of 45◦ and
16 active elements, the gain from the third hole reflection was 50 dB (Figure 13).

The echo from the third hole was maximized to 80% of the screen height, as indicated in Figure 14.
After tracing the TCG (Time Corrected Gain) in the extension, it was necessary to inspect the weld
metal with 3 holes and the primary gain was 22.8 dB.

The TCG setting was performed according to ASME V [21] using the calibration block, which was
withdrawn from the 9% Ni steel joint, to equalize the sensitivity of all focal laws for defects located
in different depths from the surface of the inspected piece. The TCG is corrected in time so that the
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reflectors (defects) have equal amplitudes for all sonic path distances, which compensates for the
attenuation inside the material and inside the wedge.

Figure 13. Echo (maximized to 80% of the screen height) from the third hole. Scanning angle of 45◦

and 16 active elements. Primary gain = 50 dB.

Figure 14. Time correct gain adjustment. Scanning angle of 45◦, 16 active elements. Primary gain =
22.8 dB.

For the ultrasonic scanning with angle of 48◦ and 16 active elements, the gain from the third hole
reflection was 40.1 dB and the primary gain was 22.6 dB, as shown in Figures 15 and 16.

Figure 15. Echo (maximized to 80% of the screen height) from the third hole. Scanning angle of 48◦,
16 active elements. Primary gain = 40.1 dB.
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Figure 16. Time corrected gain adjustment. Scanning angle of 48◦, 16 active elements. Primary gain =
22.6 dB.

Finally, for ultrasonic scanning with an angle of 52◦ and 16 active elements, the gain from the
third hole reflection was 40.8 dB and the primary gain was 27.2 dB, as shown in Figures 17 and 18.

 

Figure 17. Echo (maximized to 80% of the screen height) from the third hole. Scanning angle of 52◦,
16 active elements. Primary gain = 40.8 dB.

 

Figure 18. TCG adjustment. Scanning angle of 52◦, 16 active elements. Primary gain = 27.2 dB.

During the scanning procedure, the greater the material attenuation, the greater the gain added
to the signal should be to allow for a proper inspection. From that point of view, the best scanning
angle for the inspection of the 9% Ni steel pipe joint SMAW welded with Ni-based superalloy 625
is 48◦ because the primary gains from the third hole after the TCG adjustment were lowest when
compared to 45◦ and 52◦, as seen in Table 9. Very high gain can increase the noise, thus reducing the
ratio signal-to-noise and an angle of 48◦ presented the best signal amplitude response.
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Table 9. Primary gain from the third hole after TCG adjustment for scanning angles of 45◦, 48◦ and 52◦.

Scanning Angle Primary Gain from the Third Hole Primary Gain after Tracing the TCG

45◦ 50.0 dB 22.8 dB
48◦ 40.1 dB 22.6 dB
52◦ 40.8 dB 27.2 dB

Comparing the CIVA simulations and the experimentation tests with angles of 45◦, 48◦ and 52◦,
the differences among the amplitudes are clear. Greater amplitude was necessary to correct the TCG
for the angle 52◦ because of the beam deflection and attenuation. The angles of 45◦ and 48◦ promoted
minimum beam deflection during propagation, which was confirmed by experiments in the block
verification for these two focal laws, as shown in Figures 13 and 15. In these figures, the maximizations
of the echo to 80% show low noise levels and a clear definition of the whole amplitude.

The difference between simulations with 16, 24 and 32 active elements demonstrated that the
number of active elements affects the sound pressure, the directivity, the signal-to-noise ratio and the
beam attenuation, which meets the observations of Freitas [15]. The results for 16 active elements
demonstrate a good sound pressure, low beam divergence and good coverage of the welded joint,
which were caused by the better signal-to-noise ratio.

With respect to frequency, the experimental tests confirmed the CIVA simulations, showing that
the frequency of 2.25 MHz allowed for a good penetration of the beam into the welded joint with
minimal deviation, which matched the theory proposed by Neumann [3], who said that the noise
generated by the grains increases with transducer frequency. The 2.25 MHz transducer used in this
work has a design with a linear arrangement of 1.0 mm element pitch and 32 mm active aperture.
This arrangement was reflected in a good wave front and guaranteed good sound pressure and
great directivity.

As presented by Hirsekorn [10] to optimize the angle of inspection, we need to take into account
the scattering of the wave in the weld metal for higher beam to grain angles. For lower angles,
the effect of attenuation caused by reflection at the boundary between isotropic and anisotropic
material is predominant. As the inspection was made using a longitudinal wave with the ultrasonic
beam propagating directly in the weld metal, the scattering effect in attenuation has a major impact,
which explains the worse results that were found when the angle of more elevated incidence was used.

As shown by Hirsekorn [10] to optimize the inspection angle, it is necessary to take into account
2 phenomena: Wave scattering in the weld metal and reflection of the wave in the fusion line.
For larger angles, the scattering of the wave in the weld metal is more pronounced. For lower
angles, the attenuation effect caused by the reflection at the border between isotropic and anisotropic
materials is predominant. However, as the inspection was performed using a longitudinal wave with
the ultrasonic beam propagating directly in the weld metal without passing through the fusion line,
the scattering phenomenon has a greater effect in wave attenuation, which explains the worse results
found when the greater angle of incidence was used.

In sum, the combination of the longitudinal wave, linear scanning, frequency of 2.25 MHz,
transducer with 1.0 mm pitch, 16 active elements and angles of 45◦ or 48◦ made a viable austenitic
metal inspection with minimum ultrasonic beam divergence and a good defect size measurement.
However, the angle of 48◦ showed the best results. Lastly, the inspection of the welded joint between
9% Ni steel (ASTM A333 gr. 8) and Ni-based superalloy 625 is practicable but it is necessary to set up
the appropriate phased array parameters.

4. Conclusions

• For linear inspection simulations with longitudinal waves, scanning angles of 45◦ and 48◦ showed
the best results, with minimum beam divergence and high sonic pressure along the welded region.
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• Numerical simulation presents high divergence and attenuation using an angle of 52◦, for linear
inspection simulations with longitudinal waves, evidencing regions where the sonic energy is
absorbed by the austenitic weld metal.

• The configuration with 16 active elements proved to be the most effective scanning technique,
covering a large volume of the weld, including the root region, with the same scanning index and
maintaining good sonic pressure and directivity of the beam.

• According to the CIVA simulation, the optimized configuration showed that the configuration
of low frequency (2.25 MHz), 16 active elements, linear scan and angles of 45◦ and 48◦ are
recommended to inspect root and filler regions. In this case, at least three scanning indexes were
necessary to ensure the inspection of the entire volume of the welded joint.

• Experimental tests showed that inspection with longitudinal waves, using angles of 45◦ and 48◦,
allowed the detection of the 3 holes located in the fusion line of the calibration block. However,
the scanning incidence angle of 48◦ showed better results, since the primary gains from the third
hole and after the TCG adjustment were the lowest when compared to 45◦ and 52◦.

• The comparison between the simulation and the experimental tests demonstrated the potential
of the simulation CIVA to establish the best conditions to optimize the phased array ultrasonic
inspection of welded dissimilar steel tubular joints.

• The most important outcome of this work is to enable the inspection of the HAZ and the whole
weld metal of thick-walled 9% Ni welded joints by choosing the proper combination of phased
array ultrasonic parameters. Because of the groundbreaking application, an ultrasonic inspection
procedure had not been established before the one obtained in this work.
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Abstract: In this study, various structuring methods for creating adhesion by mechanical interlocking
in the interface of metal/FRP (fiber-reinforced polymer) joints are investigated. A novel processing
route using thermal spray coatings as additive structure is presented. Different coating systems are
first assessed by axial loading tests with spray-coated plungers for the evaluation of the additive
layer adhesion on the metallic base material. Additional microstructures, produced by different
abrasive processes (corundum blasting, laser structuring, and fine milling) are compared with the
additive structures. All surface structures are characterized by electron microscopy for two sheet
materials: DC06 and AA6016-T4. The abrasive structures show a significant material dependence,
while the selected coating system offers the adjustment to different base materials by an independent
surface layer. The structured metal sheets were further joined to glass-fiber-reinforced polyamide 6
(PA6) by hot pressing to evaluate the interface properties in tensile shear tests. The results confirm a
suitability of thermal spray coatings for providing a high bonding strength in metal/FRP joints for
both investigated metallic substrate materials.

Keywords: hybrid joining; surface structuring; thermal spraying; coating; FRP; hot pressing; bonding
strength; adhesion; mechanical interlocking

1. Introduction

Hybrid material compounds, consisting of metal and fiber-reinforced polymer (FRP), are very
common for lightweight structures in the aviation field, as well as in the automotive industry, due to
their high strength-to-weight ratio. A key challenge is the joining of those dissimilar materials,
especially metal and polymer. Currently, hybrid material compounds are generated by

• adhesive bonds by Huang et al. [1],
• mechanical joints with rivets shown by Di Franco et al. [2] or bolts by Matsuzaki et al. [3],
• mechanical joining by plastic deformation of the metal and polymer partner (e.g., clinching

showed by Lambiase and Di Ilio [4] and Friedrich et al. [5]),
• friction spot or lap welding by Amancio-Filho et al. [6] and Liu et al. [7],
• ultrasonic spot welding by Wagner et al. [8] and Mitschang et al. [9].
• direct joining by hot pressing with adhesion promoters by Yulinova et al. [10] and without by

Sickert and Haberstroh [11], and
• laser-assisted joining by Katayama and Kawahito [12].

Adhesive bonding is the state of the art in joining metal and FRP. Huang et al. [13] studied
adhesively bonded joints between aluminum and FRP, which resulted in low tensile shear strength
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(≈4 MPa). Huang et al. [13] also applied a plastic deformation during the joining process, which
improved the strength by about 17%. Other studies by Velthuis et al. [14] and by Molitor and Young [15]
showed that an adhesive bond, using advanced adhesive and an additional pretreatment of the surfaces,
can reach a maximum tensile shear strength value of around 16 MPa. However, adhesively bonded
joints are sensitive to several environmental conditions, like humidity (Lee et al. [16]), ultraviolet
radiation (Nguyen et al. [17]) or variations in temperature (Nguyen et al. [18]). Mechanical joints
with rivets or bolts increase the total weight due to the additional element. Furthermore, fibers are
cut and exposed, which causes local stress concentrations that can lead to a premature failure of the
component. Balle et al. [19] showed a very promising joining approach by ultrasonic spot welding.
A maximum tensile shear strength of 23 MPa between an aluminum sheet and a carbon-fiber-reinforced
polymer was achieved by this technology. Mitschang et al. [9] used an induction spot welding
technology and gained tensile shear strength, from 15 MPa to 23 MPa, depending on the pretreatment
of the metallic and polymer material. The method of friction lap welding was used for a hybrid
aluminum-nylon join by Liu et al. [7], achieving a maximum tensile shear strength of 5–8 MPa. Sickert
and Haberstroh [11] studied the process of direct joining of FRP to metal by hot pressing using multiple
joining steps. A strength improvement of about 10% could be achieved with multiple joining steps
and different pressures, compared to a constant pressure. Yulinova et al. [10] used twin polymers as an
adhesion promoter on a non-treated metal surface in the hot joining process. The achieved maximum
shear strength was 13 MPa, which was about 50% higher compared to the non-promoted corundum
blasted surface.

Consequently, the achieved maximum strength is a function of the joining process itself.
Furthermore, the surface preparation prior to the joining process has a huge influence on the final
properties. Mitschang et al. [9] studied the joining strength by applying different pretreatments on the
metallic and polymer partners. The pretreatment can be done by chemical, mechanical, or physical
processes as listed by Velthuis et al. [14]. A major influence was found in using corundum blasting and
acidic pickling, which increased the tensile shear strength by 60% compared to the other pretreatment
steps. In general, the main goal of structuring the surface of the metal component are the increase in the
surface area and the generation of undercuts for a mechanical clamping of the polymer. The corundum
blasting can induce a certain amount of residual stresses in the material (Tosha and Iida [20]), causing
deformations of thin-walled components. Another promising method is the mechanical structuring
by using a laser showed by Schulze et al. [21]. The advantages are the high flexibility of the work
piece geometry and process design, while area output is limited. The laser creates a microstructure
with undercuts, which also allows a mechanical clamping of the dissimilar materials. Moreover,
Roesner et al. [22] found an increase in tensile shear strength with a reduction of the laser line distance.

The present study introduces thermal spraying technology as a new process to create an advanced
integration zone for metal/FRP joints. Thermal spray coatings can especially offer porous structures
and high surface roughness. Consequently, a large specific surface area is achieved, which is beneficial
for a higher joining strength. The thermal spray coatings are, furthermore, compared to three different
abrasive mechanical structuring methods (corundum blasting, laser, and milling applications) in terms
of the resulting strength between metal and FRP, as well as the microstructure of the integration zone
after joining. The aim of this work is to produce an integration zone with high bonding strength and
an easy implementation in an industrial environment.

2. Materials and Methods

2.1. Materials Characterization

The investigated hybrid metal/FRP compounds consist of a glass-fiber reinforced PA6 (2-layered
with a 0◦/90◦ fiber orientation) connected to DC06 as a low carbon deep drawing steel and an
AA6016-T4 aluminum alloy, respectively. The material properties are shown in Table 1. A differential
scanning calorimetry (DSC) measurement of the FRP has been carried out for determining the process
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window for hot pressing of the compound. Figure 1 shows two endothermic peaks for the melting and
decomposition temperatures of the PA6 at 496 K and 730 K, respectively.

Table 1. Material properties.

Material
Thickness

(mm)
Elongation to

Failure (%)
Ultimate Strength

(MPa)
Yield Strength

(MPa)
Hardness
(HV 10)

FRP 2 0.9 440 - -
AA6016-T4 1 25 170 120 73

DC06 1 50 270 160 84

Figure 1. DSC measurement of the FRP with two endothermic peaks indicating the melting and
decomposition temperatures.

2.2. Surface Pretreatment

For the specific design of an integration zone, a suitable surface treatment is necessary. During the
conducted investigations, micro- and macrostructures were generated on the DC06 and AA6016-T4
surface. This leads to a higher specific surface area, and provides good conditions for an optimal
mechanical interlocking of the PA6. Thermal spraying, corundum blasting, and laser structuring were
chosen as microstructuring methods. The macrostructures were generated by milling. The corundum
blasting was carried out with aluminum oxide EK-F-24 at a pressure of 2 bar with a blasting angle
of 70◦ and a distance of 200 mm. Arc wire spraying has been chosen for the thermal spray coating
process, due to its advantageous properties in terms of processability, productivity, and cost efficiency.
The arc wire spray system VisuArc 350 (Sulzer, Winterthur, Switzerland) was used to apply the spray
layers, Figure 2.

 

Figure 2. Sulzer VisuArc 350 arc wire spraying system.

NiAl5, NiAl20, and NiCr20 (cored wire thickness: 1.6 mm) have been chosen as spraying materials,
as these alloys are typical bond coat materials in thermal spraying, referring to Davis [23] and American
Welding Society [24]. The used alloys, as well as the corresponding parameters of the thermal spraying
process, can be seen in Table 2.
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Table 2. Coating materials and parameters used for electric arc wire spraying.

Alloy
Current

(A)
Voltage

(V)

Feed
Velocity

(m/s)

Spraying
Distance

(mm)

Air
Pressure

(bar)

Line
Distance

(mm)

Growth
by Step

(μm)

Thermal
Expansion
(10−6 K−1)

NiAl5 200 25 1.0 130 3.5 5 50 13.9
NiAl20 200 25 1.0 130 3.5 5 50 15.3
NiCr20 240 24 1.0 130 3.5 5 40 11.7

A fiber laser (ytterbium, wavelength: 1064 nm) was used for laser structuring the metallic joining
partners. The laser parameters (Table 3) had to be adjusted to the different materials, due to the lower
absorption coefficient of the aluminum, which results in a lower coupling of the laser beam and an
associated restriction of the processing options.

Table 3. Parameters for laser structuring depending on the used materials.

Material Power (W)
Velocity

(mm/min)
Pulse Width

(ns)
Spot (μm)

Line Distance
(μm)

Penetration
Depth (μm)

AA6016-T4 1300 150 200 50 250 20−50
DC06 1800 200 200 50 500 75−90

The macrostructures were produced by milling. The cutting speed was set to 150 m/min, and the
feed speed to 0.3 mm/tooth. The resulting macrostructure consists of pyramid-shaped elements with
a height of 0.5 mm and an angle of 45◦.

Additionally, the surface roughness was measured by tactile incision technique using a T8000
system (Hommel-Etamic, Jena, Germany). All measurements were performed with a TKU300 tip
using uniform parameters for all structures (measurement length = 1.5 mm, velocity = 0.5 mm/s, point
distance = 0.5 μm).

2.3. Mechanical Testing of Adhesive Strength

Axial loading tests according to DIN EN 582 for the preselection of the spray system were
performed utilizing adhesive pads FM1000 (Cytec Solvey Group, Woodland Park, CO, USA) in
combination with the spray-coated metal plungers (Figure 3a). The specimens were joined to the
adhesion pads by hot pressing. Metal plungers with a length of 50 mm and a diameter of 25 mm were
used. During the joining process for the axial loading tests, the samples were treated at 473 K and
fixed for a constant joining pressure in a preheated furnace for 90 min. Afterwards, cooling down was
conducted directly in the furnace for approximately 300 min. After preselection of the coating system,
the feedstock material was applied to the plungers of both metallic materials, DC06, and AA6016-T4.
Furthermore, the bonding strength was examined in dependency of the pretreatment state of the
surface using FRP as a joining partner (Figure 3b).

Figure 3. Setup for evaluating (a) the axial bonding strength of the thermal spray coating to the metal
sheet; (b) between the coating and the FRP; and (c) the tensile shear strength of different surface
structures to the FRP.
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In order to optimize the joining process, the two plungers were inductively heated to 558 K within
20 s, followed by insertion of the FRP between the plungers and applying a joining pressure of 0.3 MPa.
As a result of the optimized joining process, the samples are completely cooled down within 5 min.
Axial loading tests were performed at 1 mm/min traverse speed in a tensile testing machine with a
standard load cell Z020 (Zwick/Roell, Ulm, Germany). The bonding strength was determined using
the calculated circular contact area of 491 mm2.

Tensile shear tests were carried out in accordance to DIN EN 1465 to evaluate the shear strength
of a single lap joint, Figure 3c. Metal and FRP stripes with a length of 100 mm and a width of 25 mm
were bonded to each other with an overlapping length of 5 mm. In contrast to the standardized
geometry, the overlap length was reduced from 12.5 mm to 5 mm, in order to enable a meaningful
testing of high shear strength, due to a more homogeneous stress distribution among the interface
(Saborowski et al. [25]). For tensile shear strength testing, the specimens were produced utilizing
a die heating process (see Figure 4a for the lap shear specimen production tool). According to the
production parameters determined by Haberstroh and Sickert [26], a joining pressure of 0.3 MPa and
a maximum joining temperature of 558 K were chosen. During the joining process, the die is heated
until the maximum joining temperature inside of the integration zone is reached, and immediately
afterwards cooled down via an air-cooling system until the temperature drops below 373 K (Figure 4b).
The pressure is maintained constant over the whole production time to prevent the formation of
cavities in the polymer during the cooling process (Flock [27]). The temperature in the integration
zone is observed by a thermocouple placed inside a drill-hole slightly below the metal surface. Finally,
the specimens were tested in a tensile testing machine Z020 (Zwick/Roell, Ulm, Germany) under a
constant crosshead speed of 1 mm/min. The tensile shear strength was determined using the nominal
value of the rectangular contact area of 125 mm2.

 

(a) (b) 

Figure 4. Joining fixture and temperature profile. (a) Apparatus with a heatable die for the production
of tensile shear specimens; (b) Temperature inside the joining zone during the hot pressing process.

3. Results and Discussion

3.1. Preselection of Thermal Spray Coating Material

To choose a suitable thermal spray feedstock material, the adhesion between the coating materials
and the DC06 plunger was investigated, Table 2. The coating thickness as well as the surface
pretreatment were investigated, Figure 5a. The lowest coating thickness, in combination with
the corundum-blasted surface, indicates the highest bonding strength (about 60 MPa), which is
independent of the coating material. Moreover, the bonding strength decreases with increasing
layer thickness.

NiCr20 shows a drop of only 25% when comparing the bonding strength at 40 μm and 320 μm
coating thickness. The pretreatment of surface strongly affects the achievable bonding strength.
A non-blasted surface state reduces the bonding strength, since the mechanical interlocking between
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the substrate and coating material is less pronounced. The achieved higher values for NiAl5 can be
explained by micro metallurgical bonding resulting from the exothermic reaction between the alloy
components [28]. The determined bonding strength of the coatings, with the exception of NiCr20 by
non-blasted substrate, were far above 25 MPa. The high adhesion strength of the spray coatings is
one of the key requirements for the suitability of thermal spray coatings as an adhesion promoter
in metal/FRP compounds. For all further experiments, NiAl5 was chosen as suitable representative
material for this feedstock class.

(a) (b) 

Figure 5. Bonding strength under axial tension (a) thermal spray layer to DC06 substrate; (b) FRP to
thermal spray layer (NiAl5).

The results for the specimen with FRP as joining partner are presented in Figure 5b. The tensile
strength is in a range of 10–12 MPa for both metallic plunger materials. A roughening of the surface by
corundum blasting only affects the bonding strength insignificantly. Consequently, it is appropriate to
apply the thermal spray coating to the non-blasted surface.

3.2. Characterization of Structured Metal Surfaces

Scanning electron microscope (SEM) surface images for the two sheet materials are shown in
Figure 6. The corundum blasted surfaces exhibit a random distribution of the surface structure with Rz

= 36 μm, whereby the aluminum material shows a higher roughness (Rz = 81 μm) because of its lower
hardness. The surface structure of the NiAl5 coating offers similar surface characteristics for both
substrate materials. The surface roughness is randomly distributed and has similar peak values (DC06
NiAl5: Rz = 85 μm, Al6016-T4 NiAl5: 88 μm) compared to the corundum-blasted AA6016-T4. The laser
structured surfaces show a homogenous grid with height peaks of about 80 μm for DC06, and 20 μm
for the aluminum material. Additionally, the edges are covered by melted substrate material, which
increases the specific surface area again. The differences in the laser structure of DC06 and AA6016-T4
are presumably caused by different absorption coefficients. The milled surfaces exhibit pyramidal
structures. Comparing the different milled surfaces, a homogeneous structure was achieved in case of
AA6016-T4, while DC06 shows several residues, which could, for example, promote better mechanical
clamping to FRP. In summary, a considerable number of undercuts, as well as a high specific surface
area, ensures sufficient potential for a high joining strength between metal and FRP.
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DC06 laser AA6016-T4 laser DC06 milling AA6016-T4 milling 

    

DC06 blasted AA6016-T4 blasted AA6016-T4 NiAl5 DC06 NiAl5 

    

Figure 6. SEM images of the differently structured surfaces for DC06 and AA6016-T4.

3.3. Tensile Shear Properties of FRP/Metal Joints

Figure 7 shows the results of the tensile shear tests for the metal/FRP specimens with the
differently structured metal surfaces. There is a significant influence of the surface pretreatment on the
shear strength. The most promising methods in terms of high shear strength are laser treatment and the
thermally sprayed NiAl5 coating. Thermal spraying ensures mechanical clamping by several undercuts,
and reduces the influence of the substrate material through adjustment of the coating material.

Consequently, a high bonding strength between the metallic sheet and FRP is ensured.
The corundum blasting and milling treatments show significant differences in surface structures
as well as in the resulting shear strength, depending on the used sheet material. When comparing the
surface topography (Figure 6) of the different structures with the bonding strength, assessment of the
determined bonding strength becomes possible. Corundum blasting of AA6016-T4 results in a higher
roughness in contrast to DC06. By using equal parameter conditions, the relatively soft aluminum
substrate shows a significantly higher abrasive effect than steel. The higher roughness is presumably
the main reason for the higher bonding strength caused by enhanced mechanical interlocking of
the polymer melt. Laser structuring shows only a minor material influence and a good mechanical
clamping is provided in tensile shear testing. The resulting structure using the milling process differs
significantly between steel and aluminum. A high number of slats in the pre-milled lines of the
DC06 substrate builds undercuts for the polymer melt. AA6016-T4 does not show such structures,
while shear strength is the lowest of all compared structures.

Figure 7. Tensile shear strength of metal/FRP specimen joined by die heating.
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Presumably, the main influence on bonding strength of the investigated structures is mechanical
clamping. A combination of undercuts and randomized surface structures with a certain roughness
lead, especially in the case of spray coated and laser structured interfaces, to high values in bonding
strength. When comparing the time of manufacturing for a specific surface area, the potential of
thermal spray coating becomes obvious. While laser structuring offers approximately the same
interface strength, the required manufacturing time for these abrasive structures is significantly higher.
Considering the differences in processing parameters used in this study (which depend on the treated
metal sheet) e.g., velocity, line distance and the additional secondary overrun (rotated under 90◦), laser
structuring takes about 6000–16,000 times longer for the same specific surface area in comparison to
thermal spraying. Furthermore, processing parameters for all abrasive treatments, including laser
structuring, need to be adjusted in a complex way when changing the type of base material. In contrast,
thermal spraying delivers a reproducible and similar bonding strength for different substrate materials
and the combination of different materials for FRP/metal compounds is facilitated.

4. Conclusions

An experimental study of different surface structuring methods as adhesion promoter for joining
hybrid metal/FRP compounds has been carried out in this work. Thermal spray technology is
presented as a new approach for additive structuring of the metallic surface.

NiAl5 as feedstock material exhibits a good adhesion even on smooth metallic surfaces. A material
adjustment is implemented by the coating, which provides a similar bonding strength in metal/FRP
compounds regardless of the metallic part. Especially, the high surface roughness with undercuts
is suitable for mechanical clamping. With a shear strength of 23–24 MPa, the thermal spray coating
achieved the best results of all presented structuring methods. Laser structuring showed similarly good
results (−4.2% DC06/−4.3% AA6016-T4), whereas corundum blasting achieves a considerably lower
adhesion (−45.8% DC06/−29.2% AA6016-T4) and the investigated milling structure is not useful
at all (−51.1% DC06/−87.0% AA6016-T4). Taking into account the different surface topographies,
the results can be explained in the following way:

• The adhesion is mainly achieved by mechanical clamping when just using a structured surface
without chemical adhesion promoters

• A surface profile containing a considerable number of undercuts delivers the best results
• The bonding strength is not influenced by the substrate material when using thermal spraying

due to the almost identical surface characteristics
• The time for manufacturing the surface structure is significantly reduced when using thermal

spraying in comparison to laser structuring
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Abstract: In automotive body-in-white production, presshardened 22MnB5 steel is the most widely
used ultra-high-strength steel grade. Welding is the most important faying technique for this steel
type, as other faying technologies often cannot deliver the same strength-to-cost ratio. In order to
conduct precise numerical simulations of the welding process, flow stress curves and thermophysical
properties from room temperature up to the melting point are required. Sheet metal parts made out
of 22MnB5 are welded in a presshardened, that is, martensitic state. On the contrary, only flow stress
curves for soft annealed or austenitized 22MnB5 are available in the literature. Available physical
material data does not cover the required temperature range or is not available at all. This work
provides experimentally determined hot-flow stress curves for rapid heating of 22MnB5 from the
martensitic state. The data is complemented by a comprehensive set of thermophysical data of
22MnB5 between room temperature and melting. Materials simulation methods as well as a
critical literature review were employed to obtain sound thermophysical data. A comparison of
the numerically computed nugget growth curve in spot welding with experimental welding results
ensures the validity of the hot-flow stress curves and thermophysical data presented.

Keywords: welding; 22MnB5; flow stress; thermophysical property; numerical simulation

1. Introduction

The finite-element analysis (FEA) of welding processes like spot and arc welding has a key role in
the design of the faying process. The part design can be significantly influenced or even determined
by requirements of the welding technology. Weldment properties eventually will determine the
mechanical performance of the welded structure. Tolerances in industrial production are critical
influences on the choice of welding processes and parameters, as pointed out by Podržaj et al. [1]
as well as Schlosser and Jüttner [2] and Häßler and Füssel [3]. While Brauser et al. [4] emphasized
the effect of gaps on spot welding quality, Moos and Vezzetti [5] for the first time employed FEA
to further investigate the effect of tolerances in complex assemblies. Bi et al. [6] employed FEA to
examine shunting at a challenging three-sheet joint, whereas van der Aa et al. [7] optimized the welding
parameters of a new automotive steel grade using FEA. In the course of product development, FEA can
therefore greatly reduce the probability of faulty designs and the necessity to carry out preliminary
tests. This helps to save design costs and time, releasing resources to develop better-performing,
more-lightweight welded structures.

The numerical simulation of welding processes and welding results is a challenging task.
Reasons are the strong multiphysical couplings of phenomena and the steep temperature gradients
at the weld site. With increasing material temperature, significant nonlinear changes in the material
properties occur. As a result, a spatial field of local material properties, with steep gradients, will be
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present around the weld site, affecting the physics and the result of the welding process, and in
turn, the numerical solution process. This necessitates a very careful selection of FEA boundary
conditions, as shown by Raoelison et al. [8], and material data suitable for the specific temperature
profiles of welding, as Schwenk and Rethmeier [9] emphasized. In order to carry out precise numerical
simulations of the welding process, a complete dataset of physical and mechanical material properties
up to the melting point is essential. According to Schwenk and Rethmeier [9], the dataset needs to
include as a function of temperature:

• flow stress kF;
• elastic modulus E and Poisson ratio ν;
• coefficient of thermal expansion α;
• specific electrical resistance ρel ;
• mass density ρ;
• specific heat capacity cp/specific entropy h; and
• specific thermal conductivity λ.

As explained by Karbasian and Tekkaya [10], automotive parts made of 22MnB5 are heat-treated
before the welding process. During the heat treatment, the desired, sometimes localised, martensitic
microstructure with high strength is established. Merklein et al. [11] reported on various works on
the production of load-adjusted parts with locally tailored properties by means of a tailored heat
treatment. In the as-delivered state, 22MnB5 has a ferritic–pearlitic microstructure as Geiger et al. [12]
stated. This peculiarity of 22MnB5 has important consequences. The flow stress curves available in the
literature, as provided by Ngyuen et al. [13], are intended to be used for hot-stamping simulations
of the material. This means that in mechanical testing, the material is fully austenitized before it is
cooled down to the respective test temperature; cf. Merklein and Lechler [14] as well as Naderi [15].
In contrary to that, in the welding process the material is being heated up from the martensitic state to
the respective temperature very quickly. As reported by Gumbsch et al. [16], significant softening of
the material will occur although the temperature Ac3 is not surpassed, that is, the martensite is only
tempered. Consequently, the flow stress curves available are not valid for the welding simulation.
Few authors have published information on the temperature-dependent physical properties of 22MnB5:
Shapiro [17]; Spittel and Spittel [18]; and Wink and Kraetschmer [19]. In those datasets, various
properties are missing altogether, while others are only available for a temperature range not sufficient
for the welding process simulation.

It is the goal of this work to supplement the datasets available for 22MnB5 in the martensitic state
by means of measurements, numerical computation and literature review. Although the scope of this
work lies in the data application in spot welding, the data can be used for other welding processes
as well.

2. Materials and Methods

2.1. Experimental

2.1.1. Test Procedure

Flow stress curves of 22MnB5 were measured using a DIL805 A/D Dilatometer built by BAEHR

(Thermoanalyse GmbH, Huellhorst, Germany), shown in Figure 1. The specimens depicted in Figure 2
were cut out of the as-delivered sheet of 22MnB5 with 1.5 mm thickness by a water jet, and afterwards
the coating was ground off. In the dilatometer, each specimen was induction-heated under vacuum to
1223 K within 180 s and soaked for 120 s. Following a Newtonian cooling law, the specimens were then
quenched to 343 K with an average cooling rate of

.
T = 30 Ks−1 using argon gas. This temperature was

held for another 120 s to allow some relief of residual stresses. Additional microsections and tensile
tests proved that this initial heating and cooling cycle appropriately yields the desired martensitic
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microstructure in the specimens, and in turn resembles the presshardening process mentioned in the
previous section.

 

Figure 1. Austenitization of a specimen in the dilatometer.

 

Figure 2. Some specimens after the hot tensile test in the dilatometer.

Afterwards, the specimens were heated up with
.
T = 1000 Ks−1 to the test temperature Tϕ,

followed by a soaking time of 2 s. While force and elongation were measured, the sample was then
elongated with a (Hencky) strain rate of

.
ϕ = 0.1 s−1. A welded-on thermocouple of the type Pt/Pt10Rh

ensured correct temperature control throughout the test. The specimen was neither intentionally
strained to fracture, nor was the elongation at rupture evaluated. For test temperatures up to and
including Tϕ = 773 K, three specimens per temperature were tested; at higher temperatures, the low
scatter of the data allowed a reduction to two specimens. Due to the high strength of 22MnB5,
dilatometric tests at temperatures lower than Tϕ = 673 K were not possible within the machine’s
limitations. Additional tests on a conventional tensile testing machine at room temperature therefore
supplemented the experiments. The highest temperature tested was Tϕ = 1473 K.
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2.1.2. Data Processing

Each measured force–elongation curve was transformed into a stress–strain curve and limited to
strain values up to uniform elongation. A regression analysis then determined the parameters of the
flow stress Equation (1) by Hockett and Sherby [20] to best fulfil the individual measured curve.

k f ,Tϕ
(ϕ) = k f ,s −

(
k f ,s − k f ,0

)
× e−m×ϕP

(1)

Therein, k f ,0 is the initial flow stress and k f ,s the saturation flow stress. m and P are dimensionless
parameters. The resulting flow stress k f ,Tϕ

(ϕ) is valid for a respective temperature Tϕ. The mean of
the computed Hockett–Sherby parameters within an individual test temperature then yielded the
parameters of the mean flow stress curve for the respective temperature. The molten metal at the weld
is described using the same structural mechanics equations as the solid material, instead of defining
a multiphase approach using the Navier–Stokes equation for the molten metal. This simplification
significantly eases modelling and computation of the welding process. As melt flow in most cases is
little, it is allowed. Of course, molten metal will have no yield strength nonetheless. Therefore, it is
formally necessary to also define flow stress curves for the melt. A virtual zero-strength, as defined
below, and a finite compressibility, cf. Section 3.2.1, in this case were determined as the most reasonable
material properties of the melt. In spot welding simulations by the authors, see Section 3.3 and [21],
good results have been achieved by defining two additional curves fulfilling

k f ,Ts=1719 K(ϕ) = 0, 5 × k f ,Tϕ=1473 K(ϕ) (2)

k f ,Ts=3273 K(ϕ) = 0, 165 × k f ,Tϕ=1473 K(ϕ). (3)

In short, regions governed by laws of fluid flow in the FEA are represented by means of drastically
reduced flow stress.

Input of the data into the FEA was required in the form of stress–Cauchy–strain curves. The strain
values therein were transformed from the Hencky–strain ϕ applying the relation

εpl = eϕ − 1. (4)

2.2. Numerical Material Simulation

Measurement of physical properties at elevated temperatures during rapid heating is very difficult,
as shown by [22,23], which inform on the comparably large measurement errors that have to be
expected. Material simulation software like JMATPRO can deliver the required data, but the reliability
of the results is questionable, as the software purely relies on empirical models. Therefore, the decision
was made to compute the required data using the software, and then validate the data very critically
in comparison to measured data available in the literature.

Using the software, the phase composition, as well as the physical properties of the pure
phases during heating of the material, were computed. Afterwards, the physical properties of the
temperature-dependent phase composition were computed from the properties of the pure phases by
using the lever rule. The computed austenitization temperatures for a heating rate of

.
T = 1000 Ks−1

are presented in Table 1. It can be seen that the transformation delay due to the heating rate is small
compared to the temperatures stated by [24].

The tempering, as well as partial or full dissolving of martensite below Ac1, is driven by diffusional
processes. During quick heating of the material, the dwell time below Ac1 is short. Therefore, diffusive
effects are negligible. In this work, it was accordingly assumed that between Ac1 and Ac3, the martensite
will directly transform into austenite. Figure 3 depicts the phase composition of 22MnB5 being assumed
in the thermophysical material property computation with JMATPRO.
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Table 1. Computed phase-transformation temperatures of 22MnB5; quasi-static according to [24],
and rapid heating.

Quantity
.
T ≈ 0 Ks−1

.
T = 1 k Ks−1

Ac3/K 1153 1213

Ac1/K 993 1068

Figure 3. Phase fractions of 22MnB5 during heating with
.
T = 1 k Ks−1.

It has to be pointed out that the assumption of neglected tempering in this work was only done
for considerations regarding the thermophysical properties of 22MnB5. The flow stress curves on the
contrary are derived from measurements, hence including the tempering effect of martensite as well.

The data computed with JMATPRO was compared to data published by: Bungardt and Spyra
(BaS) [25], Spittel and Spittel [18] (Landoldt-Boernstein), Richter [26,27], Shapiro [17], Verein Deutscher
Eisenhuettenleute (VDEh) [23], Volz [28] and Wink and Kraetschmer [19]. From a chemical composition
point of view, 22MnB5 is an unalloyed steel. Therefore, it is allowed to compare the order of magnitude
of the computed data to data of similar unalloyed steels and pure iron, at least for the austenitic and
molten phases. Accordingly, literature data on pure iron and a 23Mn6 steel were included in the
comparison to ensure best verification of the data derived from JMATPRO. The data published by
Volz [28] was collected from additional literature sources and is valid for structural steel. He used the
data for FEAs of residual stresses resulting from arc welding and obtained very good conformity to his
experimental verifications. Therefore, the data is considered to be sound.

During melting of the material, some properties considerably change their magnitude. Simulation
trial runs proved that the numerical solution procedure is significantly more stable when the melting
range of the material is only slightly widened. To account for this effect, the temperatures A4 and
As were artificially shifted about 50 K upwards and downwards, respectively; cf. the data points
‘FEA’ in the diagrams outlined below. An effect of this temperature shift on the computed results was
not observed.

During solution of the model, the equation solver may compute very large, intermediate
temperature results. In order to enhance the numerical stability, the physical data was extrapolated up
to the boiling point T = 3273 K accordingly.

2.3. Resistance Spot Welding Simulation and Welding Experiments

The material data presented is well proven by comparing the results of a spot welding process
FEA to measured results. A two-staged welding current as presented in Figure 4 along with a constant
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electrode force of FE = 6 kN was applied in both experiment and FEA. The experiments were carried
out with a pneumatic spot welding gun with high-frequency direct current (HFDC) power source.
With respect to the scope of this work, details on the experimental conditions, FE model and the
entirety of its boundary conditions shall be examined in [29].

Figure 4. Welding current program used in spot welding of 22MnB5.

3. Results and Discussion

It has to be noted that the data presented is valid only for the heating phase in the welding process,
as it is intended to be used in simulation-driven process development. Material property evolution in
the cooling phase is not within the scope of this work. The data represented by the points denoted as
‘FEA’ in the diagrams is tabularly composed in Section 3.4.

3.1. Flow Stress

Figure 5 displays the measured flow stress curves, along with the two artificial curves. The curves
have been extended according to (1) up to ϕ = 1. It can be readily seen that the work hardening
effect is not pronounced in the martensitic phase. As soon as Ac1 is surpassed, significant strain
hardening becomes visible. It shall be noted that the ends of the curves do not indicate fracture of
the material. At most temperatures it will fail much earlier. Due to experimental limitations outlined
above, a significant gap in the data exists between Tϕ = 293 K and Tϕ = 673 K. As the decrease of
strength in this temperature window is moderate, it is assumed that a linear interpolation between the
respective curves, as FEA software modules will perform it, is reasonable.

 
Figure 5. Flow stress curves of 22MnB5 after rapid heating from heat-treated state; * artificial curves.
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For easy access, the mean of the measured flow stress parameters according to Hockett and
Sherby [20] are composed in Table 2.

Table 2. Hockett–Sherby flow stress parameters of 22MnB5 after rapid heating from martensitic state.

Tϕ/K kf,0/MPa kf,s/MPa m/1 P/1

293 1066 1488 87 0.885
673 680 844 8934 1.533
773 432 529 818 1.11
873 298 368 134.5 0.82
973 147 196 90.5 0.83
1073 97 248 1 0.52
1173 79.5 180 1 0.515
1273 39 100 2 0.605
1373 25 74.3 2.6 0.663
1473 17.5 43.5 3 0.615

3.2. Physical Properties

3.2.1. Elastic Modulus and Poisson Ratio

Starting from E = 210 GPa, the elastic modulus decreases with temperature, while the Poisson
ratio increases, as shown in Figure 6. For the melt, the software computed a very small elastic modulus
along with incompressible material behaviour (ν = 0.5), but delivered a small, finite bulk modulus K.
In other words, the computed bulk modulus and Poisson ratio excluded each other. Due to lack of
other data, the computed bulk modulus was then used to compute the elastic modulus of the melt
using the relation:

E = K(3 − 6ν). (5)

As fully incompressible behaviour is unlikely for the melt, the Poisson ratio therein was set to
ν = 0.45. This prevents numerical problems resulting from incompressible material behaviour, but still
reasonably represents the data computed by JMATPRO.

Figure 6. Elastic modulus and Poisson ratio of 22MnB5.

3.2.2. Coefficient of Thermal Expansion

The data depicted in Figure 7 represents the secant coefficient of thermal expansion with a
reference temperature of T0 = 293 K. Some of the literature data therein has been computed from the
lattice constant taken from [23]. The coefficient of thermal expansion α strongly depends on the lattice
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structure, as shown in Figure 7. During austenitization, it quickly drops, followed by a steeper incline.
On melting, the coefficient roughly doubles its magnitude.

Figure 7. Coefficient of thermal expansion of 22MnB5.

3.2.3. Specific Electric Resistance

To improve readability, the specific electric resistance ρel is drawn in two separate diagrams,
shown in Figures 8 and 9. Literature data on this property is particularly scarce. JMATPRO delivered
data on the specific resistance only for T > 1213 K. To fill the gap, additional data was generated
based on the thermal conductivity λ using the Wiedemann–Franz (WF) law with a Lorenz number of
L = 3.12 × 10−8 V2K−2 as stated by [30]:

ρel(T) =
L × T

λ
, (6)

as well as the relation published by BaS [25],

ρel, f errite(T) =
2985 × 10−2 × T + 1674

λ
(7)

ρel,austenite(T) =
2182 × 10−2 × T + 5718

λ
. (8)

Figure 8. Specific electric resistance of 22MnB5, literature data.
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Close to room temperature, the specific resistance is strongly dependent on the alloy.
With increasing temperature, the curves converge towards each other. At the melting point,
the resistance increases by a small percentage. For the austenite and the melt, the data delivered
by JMATPRO and the WF law are in contradiction with the experimental data. The data computed with
the model of BaS is in good conformity with the experimental data. Accordingly, the data computed
with the BaS rule is considered to be sound. Beyond the melting point, the curve was extrapolated up
to the boiling point.

Figure 9. Specific electric resistance of 22MnB5, computed data.

3.2.4. Mass Density

In addition to the thermal expansion of the metal during heating, its mass density ρ generally
decreases, as shown in Figure 10. On austenitization, the density increases by a small percentage
accordingly. It is critical that the data on thermal expansion and density fit to each other. Otherwise,
creation or destruction of mass in the numerical model, with adverse effects for the precision of the
thermal balance, would occur. The mass density data presented here has been carefully reviewed
regarding this subject, although mathematical details on the review shall not be discussed.

Figure 10. Mass density of 22MnB5.

3.2.5. Specific Heat Capacity

The specific heat capacity cp is a function of temperature with discontinuities at the Curie point,
during austenitization, and at the melting point, as shown in Figure 11. At the mentioned transition
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points, the heat capacity is theoretically infinite. To avoid the discontinuities, the specific enthalpy
density h is used by the FEA following the relation

h(T) =
∫ T1

T0

ρ × cp(T) dT (9)

The integrated heat capacity curves according to the relation are presented in Figure 12. Therein,
an average mass density of ρ = 7600 kg m−3 was set. While the average slope of the curve is relatively
constant, melting is characterised by a significant step in the curve.

Figure 11. Specific heat capacity of 22MnB5.

Figure 12. Specific enthalpy density of 22MnB5.

3.2.6. Specific Thermal Conductivity

The specific thermal conductivity λ is initially reduced with increasing temperature, but increases
again as soon as austenitization sets in, as shown in Figure 13. The data computed by JMATPRO is in
good agreement with the experimental data. The curve published by Shapiro [17] apparently refers
to the cooling of the material from the austenitic state. An additional curve computed by JMATPRO

for quenching of 22MnB5 being drawn in Figure 13 strongly supports this. As computed by [31,32],
a hydrodynamic mixing movement will occur in the molten pool during welding. In order to account
for the resulting additional convective heat transport, the specific thermal conductivity of the melt is
increased by about twice the magnitude at room temperature in this analysis.
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Figure 13. Specific thermal conductivity of 22MnB5.

3.3. Data Application in Resistance Spot Welding

An overview of the computed temperature distribution in the welded sheets at the end of current
flow, along with a macrosection of the weld nugget, is presented in Figure 14.

 

Figure 14. Macrosection of weld nugget in comparison to computed result, the latter half-translucent;
temperature profile is in K, gray surface represents melt.

The computed molten zone represents the nugget shape visible in the macrosection reasonably
well, although the computed nugget is slightly smaller. Quantitative examination of the nugget radius
rp in Figure 15 gives more insight: In the FEA, a decision has to be made whether the temperature A4

or AS is considered to be sufficient to form a joint across the sheet metals’ surfaces. The experimentally
observed nugget growth curve lies well in between both criteria. In Figure 14, melting is only assumed
when the temperature AS is surpassed, which explains the seemingly too-small nugget in the picture.
It shall also be noted that the computed electrode indentation depth and shape conform very well with
the experiment. By comparison of the sheet thicknesses on the left border of Figure 14, it is assured
that the relative scaling of FEA and the macrosection is correct.
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Figure 15. Nugget growth curve during the weld, measured and computed data.

3.4. Tabular Data

For convenience, the thermophysical data is composed in Tables 3 and 4.

Table 3. Physical properties of 22MnB5.

T/K E/GPa ν/1 T/K α/10−5 K−1 T/K ρel/μΩm

273.15 211.804 0.290 293.15 1.256 273.15 0.214
505.05 198.693 0.298 460.98 1.307 458.96 0.340
744.51 179.279 0.307 595.73 1.348 651.12 0.506
935.80 151.383 0.315 762.56 1.398 840.70 0.742
1068.15 128.226 0.320 917.37 1.442 1027.97 1.020
1213.15 113.060 0.347 1068.15 1.485 1068.15 1.082
1426.11 91.707 0.360 1213.15 1.160 1132.22 1.122
1669.15 65.859 0.375 1322.89 1.280 1244.72 1.156
1831.15 1.470 0.450 1437.27 1.380 1402.63 1.201
3273.15 1.470 0.450 1567.51 1.469 1570.86 1.238

1669.15 1.525 1669.15 1.254
1831.15 2.416 1831.15 1.402
1966.85 2.504 3273.15 1.604
2192.90 2.646
2426.40 2.777
2708.93 2.919
2989.43 3.036
3273.15 3.133

Table 4. Physical properties of 22MnB5.

T/K ρ/kgm−3 T/K h/MJm−3 T/K λ/Wm−1 K−1

273.15 7815 273.15 0 273.15 45.738
408.21 7775 433.92 591 343.92 46.153
589.77 7717 637.68 1441 425.87 45.807
798.48 7643 735.55 1911 534.21 44.244
946.10 7588 851.72 2529 662.40 41.172
1068.15 7541 951.01 3150 854.26 35.678
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Table 4. Cont.

T/K ρ/kgm−3 T/K h/MJm−3 T/K λ/Wm−1 K−1

1213.15 7560 1019.39 3652 956.06 33.161
1372.11 7475 1103.25 4163 1051.18 31.402
1566.58 7373 1213.15 4795 1150.47 29.447
1669.15 7322 1470.95 5921 1211.79 28.152
1831.15 6947 1669.15 6838 1407.03 30.473
2092.03 6722 1831.15 9110 1608.95 32.917
2539.46 6320 2022.07 9952 1669.15 33.700
3273.72 5625 2336.66 11,239 1831.15 100.000

2701.79 12,521 3273.15 120.000
3001.71 13,405
3273.15 14,090

4. Conclusions

Measurements of flow stress curves, as well as physical material property computations and
comprehensive literature reviews, were employed to compose a set of material data necessary for
welding process simulations on presshardened 22MnB5 steel. Due to the lack of literature data and/or
specific requirements, a few simplifications and assumptions were made in the process of the data
collection. The assumptions are described in detail in this work, so the simulation expert may carefully
reconsider if the data is still valid in the specific case. The data provided is suitable to describe the
materials’ behaviour during the heating phase in the welding process. The materials’ behaviour during
cooling or quenching is not in the scope of this work.

The following results were obtained:

1. Data on the flow stress of 22MnB5 was measured and converted to stress–strain data for test
temperatures ranging from Tϕ = 293 K to Tϕ = 1473 K.

2. Flow stress data is provided by means of flow parameters for the tested temperatures according
to the Hockett–Sherby model.

3. Physical material property data of 22MnB5 as a function of temperature has been computed using
material simulation software. The data was critically reviewed considering literature data.

All datasets provided have been linearly extrapolated up to a temperature of T = 3273 K in order
to allow immediate use for the numerical process simulation procedure.
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Abstract: In this article, a novel hybrid welding process called plasma-TIG (Tungsten Inert Gas
welding) coupled arc welding was proposed to improve the efficiency and quality of welding by
utilizing the full advantage of plasma and TIG welding processes. The two arcs of plasma and TIG
were pulled into each other into one coupled arc under the effect of Lorentz force and plasma flow
force during welding experiments. The arc behavior of coupled arc was studied by means of its arc
profile, arc pressure and arc force conditions. The coupled arc pressure distribution measurements
were performed. The effects of welding conditions on coupled arc pressure were evaluated and the
maximum coupled arc pressure was improved compared with single-plasma arc and single-TIG arc.
It was found that the maximum arc pressure was mainly determined by plasma arc current and plasma
gas flow. Compared with traditional hybrid welding method, the efficiency was obviously higher and
the welding heat-input was lower. The epitaxial solidification of the weld was inhibited, the tensile
strength of the welded joints was higher. According to the results, the proposed coupled arc welding
process has both advantages of plasma arc and TIG method, and it has a broad application prospect.

Keywords: plasma-TIG; coupled arc; arc profile; pressure distribution

1. Introduction

Given the continuous development of processing and manufacturing technologies, traditional
arc welding techniques such as plasma arc welding (PAW) [1] and tungsten inert gas (TIG) [2,3]
welding process, have been improved to meet the requirements of enterprises for high-quality
and low-consumption welding technology [4]. Based on the situation above, the hybrid welding
methods with multiple heat sources are proposed. In recent years, hybrid welding methods have
also been successfully applied in shipbuilding and spacecraft. Certain hybrid welding processes,
including plasma–gas metal arc welding [5–7], plasma–TIG [8,9], laser–GMAW [10], laser–TIG [11]
and TIG–MIG [12], have been successfully used in the manufacturing industry. In comparison with
ordinary single-arc welding, hybrid welding technology can significantly improve welding efficiency
and joint quality because it is simultaneously provided with multiple heat sources that complement
one another [5].

PAW produces arc plasma with high energy density and high arc pressure under the thermal pinch
effect of the water-cooled copper nozzle; thus, PAW has strong fusion and penetration abilities [13,14].
However, identifying the appropriate parameters in PAW process is difficult and the process is prone
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to undercutting [15]. The gas tungsten arc welding with DCEN (Direct Current Electrode Negative
Epolarity) is a high efficiency welding process [16,17], and has a good surface forming ability and
remarkably stable welding process, but its penetration capacity is poor. Therefore, researchers also
proposed several hybrid welding processes that utilize the PAW and TIG arcs, which mainly include
the double-sided arc welding (DSAW) and PAW–TIG welding processes [9]. The DSAW process can
increase penetration and significantly improve welding productivity [18], in this process, a TIG torch
is placed on the opposite side of welds to guide the PAW arc into the keyhole, thereby permitting
the current to flow from the PAW torch through the welds to the TIG torch directly instead of the
conventional welding current loop [8,19]. However, the welding accessibility of DSAW is poor
compared with PAW welding process. The PAW–TIG welding method is realized by the PAW and
the subsequent TIG on the movable slide rail, no correlation exists between the plasma and TIG arcs.
This process can also enhance the welding productivity. However, the heat-affected zone is large and
the grain is coarse because the weld is reheated by the TIG arc. The plasma–TIG coupled arc welding
(PTCAW) process is a novel hybrid welding method for overcoming the above deficiencies in order to
achieve efficient welding process and high-quality welds.

In this study, the PTCAW process was initially constructed and the coupled arc profile was then
analyzed by a charge-coupled device (CCD) camera. The effects of welding conditions on the coupled
arc pressure distribution was also studied to reveal the characteristics of the coupled arc welding
process. The results provided the basis to recognize the PTCAW process and expanded the application
range of PAW and TIG welding processes.

2. Materials and Methods

The schematic diagram of our experimental set-up is shown in Figure 1. The PAW and TIG
torches were fixed on one fixture to realize the interaction between the two processes (i.e., PTCAW
process). An experimental system was established according to the above designed principle. In the
present system, the TIG arc was established by using a direct current–constant current (DC–CC)
power supply (REHM InverTIG.Pro digital 240 AC/DC, Blaubeuren, Germany) under the direct
current electrode negative (DCEN) condition. The PAW arcs were established by using an alternating
current–direct current AC/DC (LORCH V50 AC/DV) and DC–CC (LORCH Handy TIG 180 DC,
Auenwald, Germany) power supplies. The Xiris XVC-1000 weld camera (55 frames/s, Burlington,
ON, Canada) was applied to observe and capture the arc profile and behavior under the different
welding condition in real time [20]. The anode constricting nozzle of PAW made of red cooper with
excellent thermal conductivity is cooled by forced recirculation cooling water to prevent the nozzle
from being burned.

Figure 1. Proposed PTCAW processing system.
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In all experiments, the PAW torch nozzle has a 3-mm orifice diameter, 3.2-mm tungsten diameter,
and 3-mm tungsten setback. Pure argon (99.99%) was used as the plasma gas and shielding gas.
The platform diameter of the TIG terminal electrode is 1.25 mm, and the shielding gas flow rate is
15 L/min. The electrode spacing is 7 mm, that is the distance from the plasma nozzle axis to the
electrode tip of TIG. The nozzle height is the distance from the end of PAW nozzle to the workpiece
surface. The detailed parameters for the designed experiments are shown in Table 1.

Table 1. Welding parameters for designed experiments.

Group
Plasma Arc Current

(A)
TIG Arc Current

(A)
Nozzle Height

(mm)
Plasma Gas Flow

(L/min)

#1 60, 80, 100, 120 100 5 4
#2 60 60, 90, 120, 150 5 4
#3 120 140, 160, 180, 200 5 4
#4 60 100 3, 4, 5, 6 4
#5 60 100 5 3, 4, 5, 6

3. Results and Discussions

3.1. TPTCAW Coupled Arc Profile

A notable characteristic of the plasma-TIG welding method is the physical coupling effect between
the two arcs, which results in penetration increased and welding spatter reduced effectively compared
with traditional GMAW (gas metal arc welding) hybrid welding technology. The detailed images of
the plasma, TIG, and coupled arcs were acquired as shown in Figure 2. Furthermore, pseudo-color
processing is implemented for converting the acquired Gray-scale images to pseudo-color images
using Xiris WeldStudioTM® software (2.0.3, Xiris Automation, Burlington, ON, Canada), which will
assists in analyzing the detailed information of arc profile. The base plate is made of red copper with
forced recirculation cooling water and the welding experiment was carried out under the following
conditions: a plasma welding current of 60 A while TIG current of 100 A, nozzle height of 5 mm and
plasma gas flow of 15 L/min.
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10mm10mm

10mm10mm10mm
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Figure 2. Arc profile under different welding methods. (a) Single plasma arc. (b) Single TIG arc.
(c) Coupled arc perpendicular to the welding direction. (d) Coupled arc parallel to the welding direction.

Figure 2 illustrates typical arc profile under different welding methods. Welding arcs is steady
and plasma arc seems to be trumpet-shaped while TIG arc is similar to broom-shaped during single
arc welding because of the tungsten axis and the base plate have a 67 degrees angle, as shown in
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Figure 2a,b. When the TIG arc is applied to plasma welding arc, it is observed that a novel coupled
arc is produced between the two arcs and the arc profile has a significant change from the previous.
TIG arc can be deflected to plasma arc from the view of perpendicular to welding direction, and part of
TIG arc is pushed to the side of plasma arc root, as shown in Figure 2c. At the same time, the coupled
arc profile seems to be bell-shaped similar to the conventional TIG arc from the view of parallel to the
welding direction, as shown in Figure 2d. The reason for this behavior can be explained as follows.

Previous studies have suggested the forces play a major role in determining the arc profile [21].
Therefore, it is necessary to analyze coupled arc force condition in order to explore the interaction
mechanism on coupled arc profile. It should be noted that the electromagnetic axial pressure
and plasma gas flow axial pressure are recognized as the key factor of PAW arc pressure [22].
The electromagnetic axial pressure on the arc axis can be expressed as the following Equation (1):

pe =
μ0 IP

2

4π2

(
1
r2

2
− 1

r2
1

)
(1)

The plasma gas flow axis pressure towards to the molten pool surface can be expressed as the
following Equation (2):

pg =
1
2

ρμ2
1 (2)

The plasma arc total pressure Pt on the arc axis can be expressed as the following Equation (3):

pt = pe + pg =
μ0 IP

2

4π2

(
1
r2

2
− 1

r2
1

)
+

1
2

ρμ2
1 (3)

where Pe = electromagnetic axial pressure, and it is the function of IP. Pg = plasma gas flow axial
pressure, and it is the function of ρ and μ1, simultaneously μ1 is the function of temperature. Hence,
the resultant force on the arc axis from electrode tip to the surface of base plate can be expressed as the
following Equation (4):

Fr = pt · S =
μ0 IP

2

4π

(
r2

1
r2

2
− 1

)
+

1
2

πρμ2
1r2

1 (4)

Compared with the arc force condition during the single TIG welding, the Lorentz force (FL) has
a significant effect on TIG arc owing to plasma arc generates additional magnetic field acts on the
welding arc, and FL can be expressed as the following Equation (5):

FL = BIL (5)

The schematic of the arc force condition as shown in Figure 3. Considering the difference of arc
force conditions on either side of TIG arc axis, it is necessary to specify four particles (location A,
B, C and D) as the research objects. On the side of the TIG arc, the plasma flow force is considered
as the main arc force of TIG welding arc, the plasma flow force can be expressed as the following
Equation (6):

FP = KI2 log(
Rb
Ra

) (6)

where Ft = the plasma flow force of TIG arc at location B, C and D. and Rb are the radius of arc root
surface and undersurface respectively as shown in Figure 4c.

As seen in Figures 3 and 4a, the direction of plasma flow force (FP) on the arc axis can be deflected
to plasma arc at the location B. Furthermore, the plasma flow force acts as the major driver force of the
arc shift and has important influence on the weld surface forming. According to right-hand grip rule
at the location A, the direction of magnetic field generated by plasma arc current is perpendicular to
the paper inward on the side of TIG arc. Hence the particles on the right side of plasma arc axis move
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towards plasma arc along the base plate under Lorentz force (FL1 and FL2), the motion of TIG arc can
be seen in Figure 4a,c. At the same time, the plasma arc is also deflected slightly towards the location B
owing to the Lorentz force (FL3), as shown in Figure 4a,b. In addition, part of particles of TIG arc have
a potential of coupling with that of plasma arc root, which result in transformation of TIG arc trajectory.
These results indicate that the above analysis of the coupled arc force conditions is consistent with the
acquired experimental results in Figure 2. It can be concluded that the TIG arc is deflected under the
combination effect of plasma flow force and Lorentz force generated by the magnetic field of plasma
arc column.
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ITFL2
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IT
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Figure 3. Schematic of the forces acting on the coupled arcs.
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Figure 4. Schematic of the behavior on the plasma arc images of arc profile of different welding method.
(a) Coupled arc welding. (b) Plasma arc welding. (c) TIG arc welding.

Therefore, according to the aforementioned analysis, another interesting finding has caught our
attention. It is important to highlight that the coupling of two arcs and plasma flow force of arc are
proportional to the welding current, this phenomenon is in good consistent with Equations (4) and (6).
As can be seen from Figure 5, the coupled arc is generated only when the plasma arc current is bigger
than 60 A, at the same time, the arc climbing height on plasma arc column increases with welding
current (IP) when the TIG welding current (IT) is constant at 100 A. However, as plasma arc current is
constant at 60 A, the plasma flow force (FP) has a marked effect on welding arc profile acting on the
base plate, the heat transfer area of coupled arc acting on the workpiece is apparently increased with
increase of welding current (IT), as shown in Figure 6. Therefore, it is indicated that the coupled arc
profile depends on combination effect of these arcs, especially IT and IP, it is consistent with the above
analysis of coupled arc force.
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Figure 5. Acquired images of coupled arc profile with different TIG welding current: (a) 30 A; (b) 40 A;
(c) 50 A; (d) 60 A; (e) 70 A; (f) 80 A; (g) 90 A; (h) 100 A.
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Figure 6. Acquired images of coupled arc profile with different plasma welding current. (a) 40 A;
(b) 60 A; (c) 80 A; (d) 100 A; (e) 120 A; (f) 140 A; (g) 160 A; (h) 180 A.

3.2. Arc Pressure Distribution of the Coupled Arc

The arc pressure distribution on the workpiece allows the characterization of the coupled arc
force on the molten pool surface and identification of arc physical properties, especially its effect on the
penetration [23,24]. A differential pressure sensor (DPS: HSTL-FY01, Beijing, China) was utilized to
detect the arc pressure on the surface of base metal as shown in Figure 7a. A measuring bore hole with
a diameter of 0.8 mm is installed in the center of the plate, which was fixed on another water-cooled
copperplate with a geometry size of 200 × 400 × 3 mm3 [25]. The real-time data acquisition of
the sensor can be realized by the data acquisition card (YAV-USB2AD, Wuhan Yawei Electronic
Technolgy CO., Ltd., Wuhan, China) using the technology of Labview®(National Instruments, Austin,
TX, USA). The system is adjusted and calibrated through the software. To ensure accuracy of the
results, the measurement point spacing is 0.1 mm and the torch moves at a constant velocity of 2 mm/s.
The details of the measurement system are shown in Figure 7.
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Figure 7. Measurement system of the arc pressure. (a) The schematic diagram of the arc pressure data
acquisition system. (b) The schematic diagram of the acquisition methods for coupled arc pressure.

The two-dimensional pressure distribution and pressure variation along with the welding
direction for each welding arc are shown in Figure 8. The surface charts for individual stagnation
pressure of three welding method are drawn using Matlab® (8.3, MathWorks, Natick, MA, USA)
software in order to illustrate the difference in magnitude between the values of arc pressure. According
to the following experimental results, there is another interesting finding that catches our attention.
It is worthwhile mentioning that the coupled arc pressure is mainly determined by plasma arc and
proportion to the welding current, and the welding conditions are listed in Table 2. The contour
cloud image of the coupled arc pressure distribution is shown in Figure 8e, notably, it is similar to a
gourd shape and the maximum arc pressure appears between the two arcs near the side of plasma
arc compared with conventional plasma arc welding method. It can be seen that the maximum value
of the coupled arc is approximately 650 Pa and the maximum arc pressure decreased gradually with
the increasing electrode spacing, as shown in Figure 8f. This result is significantly higher than that of
plasma arc and TIG arc under the same conditions, as shown in Figure 8b,d. Therefore, it is indicated
that the total arc pressure of coupled arc depends on combination effect of these arcs, and it is consistent
with the above analysis of coupled arc profile.

Table 2. Experimental conditions for arc pressure measurement.

IP (A) IT (A) DPT (mm) L (mm) D (mm) Qp (L/min) Qs (L/min)

60 100 7 5 1.25 4 15
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Figure 8. Stagnation pressure distribution of welding arc with the different method. (a) Top view of
two-dimensional distribution of the plasma arc. (b) The plasma arc pressure along with welding
direction with different distance to measurement orifice axis. (c) Top view of two-dimensional
distribution of the TIG arc. (d) The TIG arc pressure along with welding direction with different
distance to measurement orifice axis. (e) Top view of two-dimensional distribution of the coupled arc.
(f) The coupled arc pressure along with welding direction with different electrode spacing.

3.3. The Influence Factor of Coupled Arc Pressure

Group #1 is the single-factor experiment to examine the effects of plasma current on the coupled
arc pressure distribution. The plasma arc as an important part of the coupled arc [26], the variation in
the current value has a significant influence on plasma flow force and mainly determines the maximum
arc pressure of the coupled arc. The histogram of the coupled arc pressure is acquired by means of
extracting the maximum value of distributed line type, as shown in Figure 9b. As can be seen from
part a and b of Figure 9, the maximum arc pressure increases gradually with the rise in plasma current
and reaches 1600 Pa as plasma current is 120 A. In addition, according to the changes of arc pressure
curves at point a, it can be illustrated that the TIG arc pressure peak is overlapped with that of plasma
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gradually with increase of plasma current, that is due to increase in Lorentz force during the process.
This result suggest that the coupling effect is strengthened between the two arcs with the increase of
plasma current.
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Figure 9. Coupled arc pressure with different plasma current. (a) Coupled arc pressure along with
welding direction. (b) Max value of coupled arc pressure.

Groups #2 and #3 are the single-factor experiments to examine the effect of TIG current on the
coupled arc pressure distribution. As previously mentioned, the change in TIG arc would has different
effects on the coupled arc pressure. It is necessary to analysis the arc pressure in two situation, when
the plasma arc current is 60 A, as shown in Figure 10a, as the TIG current increases, the maximum arc
pressure of the coupled arc gets deviated to the side of TIG arc within a small scale. This condition
was mainly attributed to plasma flow force increases with welding current, it results in a good TIG
arc stiffness. On the contrary, when the plasma current increases to 120 A, as shown in Figure 10b,
the maximum arc pressure of the coupled arc gets deviated to TIG arc by a large margin, the results
indicate that the Lorentz force acting on plasma arc increases enough to deflect the plasma as the TIG
current increases. This is consistent with the observation from the coupled arc profile.
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Figure 10. Coupled arc pressure along with welding direction with different current. (a) The plasma
current is 60 A. (b) The plasma current is 120 A.

Group #4 is the single-factor experiment to examine the effect of the coupled arc length on the
coupled arc pressure distribution. The histogram of coupled arc along with the welding direction is
acquired by means of extracting the maximum value of distributed line type, as shown in Figure 11b.
The maximum arc pressure initially decreased rapidly with the increase of nozzle height and then
plateaued; meanwhile, another interesting finding is that the coupled arc no longer decreases as the
nozzle height exceeds 5 mm. The results suggest that the horizontal component of the Lorentz force
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and plasma flow force cancels each other and reach equilibrium state along with welding direction,
as shown in Equation (5).
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Figure 11. Coupled arc pressure with different nozzle height. (a) Coupled arc pressure along with
welding direction. (b) Max value of coupled arc pressure.

Group #5 is the single-factor experiment to examine the effect of plasma gas flow rates on the
coupled arc pressure distribution. Plasma gas flow rates (QP) has a significant effect on plasma
movement during welding process [27]. As shown in Figure 12, the maximum arc pressure of the
coupled arc evidently increased with the increase of the plasma gas flow, it can be inferred the increased
plasma gas flow has led to the increase in axial component of plasma velocity and plasma gas density,
as shown in Equation (2).
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Figure 12. Coupled arc pressure with different plasma gas flow. (a) coupled arc pressure along with
welding direction. (b) Max value of coupled arc pressure.

3.4. Formation and Microstructure of the Weld

The base metal is Q235B low carbon steel (with nominal chemical compositions of C-0.15, Mn-0.4,
Si-0.2, S-0.03, P-0.035, balance Fe in wt.%) with dimensions of 200 × 80 × 5 mm3. MG70S-6 (with
nominal chemical compositions of Cu-0.5, Mn-1.85, Si-1.15, C-0.15, Ni-0.15, Cr-0.15, Mo-0.15, S-0.025,
P-0.025, balance Fe in wt %) with 1.2 mm diameter is used as the filler metal. The square groove is
1.0 mm (± 0.1 mm). The welding positions of base metal are prepared by the conventional grinding
method and then cleaned with acetone. The appearance of the surface and back of the weld using
a plasma current of 150 A and a TIG current of 70 A, as shown in Figure 13. As can be seen from
Figure 13a,b, a smooth and uniform weld seam with one side welding and both sides formation was
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successfully produced by P/TCAW. As illustrated in Figure 13c,d, a Charge Coupled Device (CCD)
camera is used to acquire a clear image of the coupled arc during the welding process, the coupled
arc burns stably and no obvious welding defects can be found, the weld section looks like the goblet
profile and has a smaller the section dimensions. It can be suggested that the welding heat input on
the base metals is limited. Therefore, P/TCAW is suitable for completing high speed and efficiency
welding of mild steel plate.

The joining strength of the weld is determined by the microstructure and the typical metallurgical
structure as shown in Figure 13e. The microstructure represented in the following sub-figure is
consistent with the position presented in Figure 13d. The microstructure of fusion zone is finer and the
upper part mainly consists of pro-eutectoid ferrite and acicular ferrite in the columnar grains, however,
the lower part mainly consists of acicular ferrite. This is due to the upper part is welding under
the welding heat input of the coupled arc and the lower part mainly determined by the plasma arc.
Moreover, a narrow heat affected zone can be achieved using the coupled arc and the microstructure
consists of fine pearlite and a small amount of acicular ferrite.

 

Figure 13. Appearance and microstructure of the weld. (a) The surface of the weld. (b) The back of the
weld. (c) The coupled arc welding process with filler wire. (d) The cross-section of the weld. (e) The
microstructure of the cross section.

4. Conclusions

From the current study, a novel hybrid welding method has been proposed, and the coupled arc
behavior has been explored. The coupled arc profile and coupled arc pressure have been considered as
ascertaining the mechanics circumstance of coupled arc behavior. The following conclusions could
be obtained:

1. Under the function of Lorentz force and plasma flow force, TIG arc is deflected and couples with
plasma arc. A coupled arc is generated and simultaneously involves the arc characteristics of
plasma and TIG.

2. The coupled arc profile is mainly determined by the combination effect of plasma flow force and
Lorentz force generated by the magnetic field of plasma arc column, which is affected by the
welding current from plasma and TIG.
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3. The coupled arc pressure distribution in two-dimensional surface is similar to gourd shape.
The maximum arc pressure appears between plasma arc and TIG arc and it is mainly determined
by the plasma current. The welding conditions that affect the coupled arc distribution and the
maximum pressure could be ranked according to their effects on the experimental results, namely,
plasma current, plasma gas flow, TIG current and electrode spacing.

4. The high-efficiency welding process of mild steel can be achieved without obvious defects.
A smooth and uniform weld seam with on side welding both side formation was acquired at a
plasma current of 150 A, a TIG current of 70 A and a welding speed of 240 mm/min.
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Nomenclatures

r1 The plasma arc radius at the place of the tungsten cathode top (mm)
r2 The plasma arc radius of arc column on the base metal surface (mm)
μ0 Permeability of free space (T*m/A)
IP Plasma arc welding current (A)
p Plasma gas density (kg/m3)
μ1 Axial component of the plasma velocity (m/s)
Pe Electromagnetic axial pressure (Pa)
Pg Plasma gas flow axial pressure (Pa)
Fr The plasma arc axis resultant force
S The arc sectional area at the place of base plate on the arc radial and S = πr1

2

B Magnetic induction of magnetic field generated by plasma arc (T)
L Displacement of particle per unit
Ft The plasma flow force of TIG arc
K A constant that equals μ/4π
μ Medium magnetic conductivity (T*m/A)
Ra The radius of TIG arc root surface (mm)
Rb The radius of TIG arc root undersurface (mm)
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Abstract: The main scope of this study investigated the occurrence of liquation cracking in the
heat-affected zone (HAZ) of IN738 superalloy weld, IN738 is widely used in gas turbine blades
in land-based power plants. Microstructural examinations showed considerable amounts of γ’
uniformly precipitated in the γ matrix. Electron probe microanalysis (EPMA) maps showed the γ-γ’
colonies were rich in Al and Ti, but lean in other alloy elements. Moreover, the metal carbides (MC),
fine borides (M3B2 and M5B3), η-Ni3Ti, σ (Cr-Co) and lamellar Ni7Zr2 intermetallic compounds could
be found at the interdendritic boundaries. The fracture morphologies and the corresponding EPMA
maps confirmed that the liquation cracking in the HAZ of the IN738 superalloy weld resulted from
the presence of complex microconstituents at the interdendritic boundaries.

Keywords: IN738 superalloy; welding; HAZ cracking; microconstituent

1. Introduction

The superior tensile strength, creep and oxidation resistance at elevated temperature make Ni-base
superalloys used extensively in industrial gas turbines [1]. A wide range of Ni-base superalloys, from
solid solution-strengthened to highly-alloyed precipitation-hardened materials, have been achieved to
satisfy the requirements of high-temperature performance and environmental corrosion resistance.
IN738, a cast Ni-base superalloy, is strengthened by extensive precipitation of γ’ (Ni3(Al,Ti)) and metal
carbides (MC) to achieve excellent mechanical properties at elevated temperature [2,3]. After a long
term of service at elevated temperature and high stress, the turbine blades eventually suffer from
fatigue and creep damages, which degrade the microstructures and/or introduce defects into the
components. To lower the life cost during service, less expensive means are developed as an alternative
to replace new components. Furthermore, rejuvenation treatments are reported to be able to restore the
microstructures and mechanical properties of degraded superalloys [4–6]. More often, repair-welding
is chosen as the major way to refurbish cracked or damaged blades in gas turbines [1].

Traditionally, repair-welding of Ni-base superalloys has been conducted by gas tungsten
arc welding (GTAW) processes [7–11]. However, the precipitation-hardened Ni-base superalloys
are very sensitive to hot cracking in the heat-affected zone (HAZ) and fusion zone (FZ) during
welding [7,8,12–14]. IN738 contains considerable amounts of Al and Ti, which is known for its poor
weldability. Liquation cracking of precipitation-hardened Ni-base superalloys is strongly dependent on
forming low-melting liquid film at the grain boundaries of the HAZ. The final solidified products with
low melting point at the grain boundaries of cast Ni-base superalloys, such as M5B3 and M2B borides,
γ-γ’ (Ni3(Al,Ti)) eutectics, MC carbides, and some other intermetallic compounds, are responsible for
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their high cracking susceptibility [15–19]. Cracking caused by the HAZ liquation in the as-welded
condition is exacerbated by subsequent postweld heat treatment [20]. Preheating at sufficiently high
temperatures before welding reduces thermally induced stress. Such preheating more effectively
prevents cracking of IN738LC superalloy than does controlling the material ductility through preweld
heat treatment [21].

To date, many efforts have been made to eliminate or reduce the HAZ cracking of
precipitation-hardened Ni-base superalloys through the control of primary microstructures by preweld
heat treatment [18,19,22–24], by laser [12,18,20,23,25–27] or electron beam [28,29] welding processes, or
by using filler with lower Al + Ti content [30–32]. In practical applications, the use of under matched
filler or low heat-input welding processes to reduce weld-shrinkage stress are able to lower cracking in
those Ni-base superalloys with poor weldability. Hot isostatic pressing is effective to heal all the cracks
present in FZ and HAZ of laser-repaired CM247LC superalloy weld [33]. The aim of this work was
to investigate the influence of grain boundary constitutents on the hot cracking sensitivity of IN738
alloy. The microstructures and chemical compositions of the microconstituents in cast IN738 were
investigated. The coverings on liquated crack surfaces were examined and their compositions were
determined. Furthermore, the relationship between microstructural features and the hot cracking
mechanism of the repaired specimens was correlated with the inherent solidification products at the
interdendritic boundaries of the cast IN738 superalloy.

2. Materials and Experimental Procedures

The IN738 alloy ingot used in this work, which was melt and cast in vacuum, had a diameter
of 75 mm. Disc samples with a thickness of 5 mm were wire-cut from the vacuum-melted ingot.
The chemical compositions of the experimental material in wt. % were: 0.17 C, 3.5 Al, 3.5 Ti, 16 Cr,
8.5 Co, 1.7 Mo, 2.5 W, 0.8 Nb, 0.1 Zr, 0.01 B, and the balance Ni. To relieve the residual stress in the
as-cast sample, the samples were heated at 1050 ◦C for 5 h in high vacuum. GTAW was used to
perform bead-on-plate welding in this study. The welding parameters included a welding current of
60 A, welding voltage of 10 V, and travel speed of 100 mm/min. After welding, the samples were cut
either parallel or normal to the FZ. The welds experienced a standard metallographic preparation, and
great attentions were paid to the HAZ microcracks.

Microstructures of the substrate and weldment were examined using a JSM-7100F field emission
scanning electron microscope (FESEM, JEOL Ltd., Tokyo, Japan). Chemical compositions of various
phases at the solidified boundaries were measured using either an X-MaxN energy-dispersive
spectrometer (EDS, Oxford Instruments, Abingdon, UK) or a JXA-8200 electron probe micro-analyzer
(EPMA, JEOL Ltd., Tokyo, Japan) equipped in the SEM. D2 Phaser X-ray diffraction (XRD, Bruker,
Karlsruhe, Germany) using Cu-Kα radiation was employed to reveal various phases in the sample.
In the XRD analysis, the tested samples wire-cut from the IN-738 ingot was approximately 10 mm
in width and 20 mm in length. Although the analyzed region varies with the 2θ angle, it changed
not much when 2θ varied between 30◦ and 80◦ [34]. The fracture features of the cracked specimens
were also inspected by a FESEM. The crystallographic analyses of various phases at solidification
boundaries were investigated by using an FESEM equipped with a detector of NordlysMax2 electron
backscatter diffraction (EBSD, Oxford Instruments, Abingdon, UK).

3. Results

3.1. Microstructural Examinations

The back-scatter electron (BSE) images can be used to distinguish solidification products in a
cast superalloy according to their image brightness or phase contrast. Figure 1 presents the SEM
micrographs in BSE images, showing the microstructures of the cast IN738 alloy. Regarding the image
brightness and phase contrast of the interdendritic microconstituents, the γ-γ’ colonies and γ matrix
are revealed by high darkness in the figure. The segregation of carbide-forming (Nb, Ta, Ti) elements
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resulted in the formation of MC carbides, which are shown by high brightness. As shown in Figure 1a,b,
MC carbides in different sizes and morphologies were the primary second phase in the cast alloy.
The MC carbides were in different shapes: irregular, island-like, blocky, or Chinese-script. Moreover,
lamellar eutectics were more likely to be found in the central part of the ingot. At higher magnification
(Figure 1c,d), lamellar eutectics were observed nearby the γ-γ’ eutectic colonies, indicating the
formation of low-melting microconstituents along solidified boundaries. A few fine white phases were
found in the narrow boundaries between γ-γ’ colonies (Figure 1c,d). The lamellar eutectics were not as
bright as the MC carbides, possibly due to lower concentrations of heavy elements in the former than
those in the latter. In addition, the grain boundary product of gray color in Figure 1c was deduced
to be boride. The fine particles at the boundaries between γ-γ’ colonies were likely fine MC carbides.
The compositions and structures of those microconstituents would be confirmed below.

Figure 1. SEM micrographs showing (a) the microstructures of the IN738 superalloy; (b) the metal
carbides (MC) carbides; (c,d) γ-γ’ eutectic colonies, lamellar intermetallics and borides around the
boundaries. The electron probe microanalysis (EPMA) analysis of carbides at sites 1 and 2 in (b), boride
at site 3 and lamellar structure at site 4 in (c) were performed.

EPMA was used to determine the chemical compositions of the microconstituents at the
interdendritic boundaries, as shown in Figure 1. Table 1 lists chemical compositions (in at. %) of
the EPMA analysis, which were obtained at various locations displayed in Figure 1b,c. As illustrated
in Table 1, MC carbides (Figure 1b, sites 1 and 2) were rich in Ti and alloyed with additional Ta
and Nb. Because high Nb and Ta concentrations were observed in the MC carbides, the carbides
naturally exhibited higher brightness in the BSE image. EDS analysis was also used to screen the
chemical compositions of the carbides of different morphologies, which could be located inter- and
intragranularly. All carbides were composed of the main alloy elements of Ti, Ta, and Nb. Figure 1c
illustrates complex microconstituents ahead of the γ-γ’ eutectic colony, including a gray blocky phase
(site 3) and white lamellar eutectic (site 4). The EPMA analysis results showed that the gray blocky
phase comprised of high boron concentration, and enriched in Cr and Mo. It was reasonable to deduce
that the gray blocky phase was Cr-Mo borides. Furthermore, the bright lamellar eutectic showed the
high segregation of Zr along with high Ni content. The low alloy contents of the measurement at site
4 were due to the high yield volume of the detected site relative to the size of the lamellar structure.
It was deduced that the bright lamellar eutectic could be intermetallic compound.
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Table 1. The chemical compositions in at. % of the microconstituents indicated in Figure 1b,c.

Element Al B C Cr Mo Nb Ti Zr Co Ta Ni

Site 1 0.02 - 45.72 0.89 1.69 6.21 30.07 0.05 0.27 11.25 Bal.
Site 2 0.01 - 44.03 0.98 1.66 6.52 30.34 0.04 0.26 11.98 Bal.
Site 3 - 27.14 1.87 54.3 9.59 0.40 0.98 - 1.31 0.08 Bal.
Site 4 1.06 - 2.28 3.49 0.23 0.94 2.34 16.67 7.01 0.31 65.58

3.2. Phase Identification by XRD

Figure 2 presents the XRD patterns of various phases in the cast IN738 substrate or base
metal. The results indicated that MC carbides, M3B2 borides, η-Ni3Ti and Ni7Zr2 intermetallics
associated with γ’ precipitates in the γ matrix, suggesting that the segregation of alloy elements during
solidification caused the formation of many solidification products in the cast superalloy. According
to previous research [7,8,12,14], different grain boundary constituents, such as MC carbide, M2SC
sulphocarbide, Cr-Mo boride, Ni-Zr intermetallics, and γ-γ’ (Ni3(Al,Ti)) eutectic have been observed
in IN738/IN738LC superalloys. In this study, η-Ni3Ti was also detected in the alloy. The presence
of these final solidification products along interdendritic boundaries significantly deteriorated the
weldability of cast IN738 superalloy.

Figure 2. XRD patterns of the cast IN738 superalloy.

3.3. Microconstituents Identified by EBSD

Figure 3 illustrates BSE image, the elemental mappings of EPMA and EBSD crystallographic
map in order to identify various phases at the interdendritic boundary. In the BSE image (Figure 3a),
the solidification products can be distinguished by image contrast. Additionally, the elemental maps
(Figure 3b) illustrate the distributions of various elements in the microconstituents determined by
EPMA. A bright color indicates higher count numbers of an element than does a dark one. EBSD map
(Figure 3c) provides crystallographic data of different phases in the microconstituents. As shown in
Figure 3a, the BSE image showed complex products formed nearby the dendrite boundary (Figure 3a).
Both γ-γ’ colonies and γ matrix were in relatively high darkness in the figure. Isolated slender white
phase, lamellar eutectic gray phase, and blocky gray product were also observed in Figure 3a. EPMA
maps revealed that the γ-γ’ eutectic colonies were significantly enriched in Al and Ti as shown in
high-intensity red (Figure 3b). The strong segregation of Al and Ti into the γ-γ’ eutectic colonies ahead
of the final solidification products was also reported. Although the intensity of the Ta map was weak,
it still showed the tendency of segregation to the γ-γ’ colonies. The C map was related to the sites
of MC carbides, which showed the formation of fine, isolated carbides inter-dispersed in the grain
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boundary products. EPMA mappings displayed the co-segregation of B, Mo, Cr and W, which was
expected to promote the formation of island-like Cr-Mo-W borides as shown in Figure 3a. It was
also noted that a severe segregation of Co with Cr, Mo and W into the solidification products, which
occupied a great fraction in this analysis. Moreover, according to the Ti and Nb maps, the distribution
of Ti in the microconstituents was coincident with that of Nb therein. In addition, high Zr intensity
was only observed in certain sites in the microconstituents of a slender form, as shown in Figure 3b.

Figure 3. (a) Back-scatter electron (BSE) image of the microconstituents; (b) the elemental maps
determined by EPMA; (c) Electron backscatter diffraction (EBSD) crystallographic map to identify
various phases in the microconstituents.
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The EBSD map (Figure 3c) showed the distributions of distinct phases in the solidification product.
The co-segregation of B, Cr, Mo and W assisted the formation of M5B3 (CrMoW)5B3 borides, shown
in yellow in Figure 3c. Additionally, the lamellar η-Ni3Ti, indicated by orange, has previously been
pointed out in studies of Ni-Co superalloy and IN738 [35–37]. Although the Nb and Al intensity in the
microconstituents was not so intense (Figure 3b), the distribution of Nb and Al in the solidification
product was consistent with that of Ti. It was deduced that Nb and Al were partitioned into η-Ni3Ti
(η-Ni3(TiAlNb)) intermetallic compound. Besides, locations with high Zr intensity were associated
with the formation of Ni7Zr2 intermetallics, indicated by purple in the EBSD crystallographic map.
EPMA mappings in this work showed a very high Co intensity in the solidification products. Basically,
co-segregation of Co, Cr, Mo and W, which was confirmed by EPMA mappings, enhanced the formation
of σ (CrCo) phase, as shown by dark blue in the EBSD map. Nodular σ phase has also been reported
to nucleate and grow from the interdendritic liquid [37]. The result indicated that the chemical
compositions of every phase in the terminal solidification products were quite complex. Compounds
or precipitates predicted by the binary phase diagram were frequently alloyed with the third or even
fourth elements.

The solidification products with blocky and network morphologies ahead of the γ-γ’ eutectic
colonies were examined and subjected to further investigation (Figure 4). As listed in Table 2,
the chemical compositions of the blocky gray and white phases, indicated by arrows in Figure 4a, were
determined by EPMA. At sites 1 and 2, the compositions of the blocky and footprint-like gray phases
were high in B and Cr mixed with extra Mo. It was deduced that such solidification products would
be Cr-Mo borides. The EPMA maps of various elements (Figure 4b) also confirmed the partitions of B,
Cr, Mo and W into grain boundary borides. At site 3, the white phase possessed high Ti, Nb, Ta and C
concentrations; they were expected to be MC carbides. The distribution of C in the EPMA map was
correlated with carbide sites. The EPMA mappings revealed that all fine white phases in Figure 4a had
high C, Ti, Ta and Nb intensity. Thus, those fine white phases having different morphologies were
deduced to be MC carbides. Although the Ti and Al intensities were not so strong (Figure 4b), it still
showed the fact of co-segregation of both elements into the γ-γ’ colonies. In addition, the lamellar
structures shown in Figure 4a were more likely to coexist with borides, which were rich in Zr in the
EPMA map (Figure 4b). The EBSD map showed that the blocky and footprint-like gray phases in
Figure 4a were M3B2 borides, as shown by red in Figure 4c. A few slender M5B3 borides, indicated by
yellow in Figure 4c, also could be seen in the solidification products. Moreover, the lamellar structures
shown in Figure 4a were identified as Ni7Zr2 intermetallics, as indicated by purple in Figure 4c. It was
obvious that the presence of borides and intermetallics at solidification boundaries would greatly
depress the final solidification temperature, thus, leading to a high tendency of liquation cracking in
the IN738 superalloy weld.

Table 2. The chemical compositions in at. % of the microconstituents indicated in Figure 4a.

Element Al B C Cr Mo Nb Ti Ta Ni

Site 1 0.04 29.06 1.39 37.43 17.32 2.37 3.2 0.48 Bal.
Site 2 0.01 27.82 1.38 38.35 18.13 2.82 3.01 0.43 Bal.
Site 3 - - 24.14 1.22 0.46 16.89 39.74 12.66 Bal.
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Figure 4. (a) BSE image of the IN738 superalloy; (b) the elemental maps of the solidification products
determined by EPMA; (c) the EBSD map to identify the terminal solidification products.

3.4. HAZ Microcrack Inspections

The welds were subjected to metallurgical preparations to reveal the liquation cracks. Figure 5a
displays the crack path of the HAZ microcracks adjacent to the FZ. The results indicated that
the serrated crack path could be linked to the melting of low-temperature microconstituents at
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the boundaries. The EBSD map showed that the HAZ microcrack had a tendency to propagate
interdendritically between grains of different orientations (Figure 5b). It was deduced that the imposed
shrinkage stress on the liquated phases caused the occurrence of liquation cracking in the HAZ of the
IN738 weld. Higher magnifications revealed that the crack was more likely to propagate along the
interfaces between the MC carbides and the matrix (Figure 5c,d), due to the presence of substantial
amounts of MC carbides in the IN738 superalloy. Moreover, liquation cracking also occurred along the
boundaries of γ-γ’ colonies, indicating the low solidus temperature of the colony boundaries or the
presence of low-melting point microconstituents therein. Therefore, it was obviously that the induced
HAZ microcracks of the IN738 weld clearly resulted from the inherently metallurgical issue of the
IN738 superalloy itself. In material concerns, the weldability of the IN738 superalloy could be linked
with the populations and distributions of those harmful microconstituents in the alloy. Advanced
welding or repair-welding processes can lower the HAZ microcracks by reducing the shrinkage
stress imposed on the weld, and by controlling the heat input to minimize the melting of those
microconstituents. Besides, the usage of filler metals with low (Al + Ti) contents for repair-welding of
superalloys is able to reduce the HAZ microcracks.

Figure 5. (a) The liquation crack in the HAZ of the IN738 weld; (b) EBSD map showing interdendritic
crack between adjacent grains; (c,d) grain boundary crack along γ-MC and γ-γ’ interfaces.

3.5. SEM Fractography

The microcracks in the HAZ of the weld were opened by using a bending fixture after immersion
in liquid nitrogen for a few seconds. Figure 6 displays the fracture features of HAZ microcracks in
an IN738 superalloy weld, which were inspected by SEM in BSE images. In addition, the EPMA
maps were used to determine the distributions of alloy elements of the coverings on the fracture
surface of the liquated crack. As shown in Figure 6a, the cobble-like fracture surface, deposited by
fine solidified droplets, was rich in Al (Figure 6b). These regions with the cobble-like features, which
displayed the same morphologies as the γ-γ’ colonies, were associated with the liquation cracking of
the γ-γ’ colonies therein. Irregular bright phases of different sizes were present on the cracked surface.
The EPMA maps (Figure 6b) revealed that the co-segregation of C, Ta, Ti, and Nb to those bright phases
was expected to form MC carbides (Figure 6a). Both the constitutional liquation of fine carbides and
the γ/MC eutectic reaction deteriorated the weldability and accounted for the HAZ microcracking of
the IN738 weld. Also noted was strong segregation of Co to those zones with low concentrations of
Al and carbide-forming elements (Figure 6b). As mentioned previously, σ phase (Co-Cr intermetallic
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compound) was found in the final solidification products. Therefore, it was deduced that the smooth
fracture surface with high Co content was related to the liquation cracking of σ phase. Although the
Zr intensity was weak in the EPMA map (Figure 6b), Zr tended to segregate to the lamellar structures,
as shown in Figure 6a. It was deduced that the lamellar features on the fracture surface were associated
with the formation of Ni7Zr2. Overall, the complex grain boundary microconstituents found in the
cast superalloy were also observed on the fracture surface of the opened liquation cracks.

Figure 6. (a) SEM fractograph of liquation crack; (b) the associated elemental maps determined
by EPMA.
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4. Discussion

It is reported that the original microstructures have great influence on the HAZ microfissuring of
Ni-based superalloy welds [9]. The reduction in grain boundary area per unit volume accounts for the
obvious decrease in microcracks in directionally solidified Rene 80 relative to the polycrystalline
IN738LC [9]. Moreover, a proprietary single crystal alloy can be avoided from cracking when
build-up welds with different fillers are performed [9]. Several published literatures have elucidated
the mechanism of liquation cracking in the HAZ and FZ of IN738/IN738LC welds [8,14,16,19,32].
The grain boundary constituents [8,14,16,19,32], such as MC carbide, M2SC sulphocarbide, γ-γ’ eutectic,
lamellar Ni7Zr2 intermetallics and Cr-Mo (M3B2) boride, are main causes of their poor weldability.
Moreover, the major second phases are MC carbides and γ-γ’ eutectics formed along interdendritic
boundaries [14]. Substantial microsegregation of strong carbide forming elements (Ti, Nb, Ta, Mo) along
with C results in forming grain boundary carbides [8]. In addition, lamellar and dendritically shaped
carbides support the L → γ + MC eutectic type transformation [8]. The supersaturation of Ti and Al in
interdendritic liquid will assists the formation of γ-γ’ eutectic [8]. The terminal solidification products
also consist of Ni7Zr2 and M3B2 formed in front of γ-γ’ eutectic in IN738 superalloy [14]. Furthermore,
these boride particles decrease the solidus temperature at which non-equilibrium intergranular
liquation is induced in the HAZ during the heating cycle of welding, thereby enhancing the cracking
susceptibility of the weld [38]. In prior studies, the borides and intermetallics at the interdendritic
boundaries are more likely to melt during repair-welding of Mar-M004 superalloy [39,40].

In addition to the reported Ni-Zr intermetallic, Cr-Mo boride and γ-γ’ eutectic, platelet η-Ni3Ti
and nodular σ (Co-Cr) phase were also found in the terminal solidification products in this study. In fact,
platelet η and nodular σ phases have been observed in cast Ni-Cr-Co superalloys like IN738 [35–37].
The σ phase consists of high Co and Cr concentrations [41], besides, the plate-like σ enriched in Co and
Cr nucleates around the grain boundaries of GTD-111 superalloy [42]. Platelet and blocky η phases
are also formed in IN738 [36] and in the interdendritic region of IN939 (Ni-Cr-Co) superalloy [43].
Local melting around the η phase occurs in the boundary region of IN939 at 1150 ◦C [43]. It seemed
that local melting of those intermetallics (η, σ and Ni7Zr2) mixed borides at the dendrite boundaries
would make the repair-welding of IN738 alloy become much difficult. Therefore, the HAZ liquation
cracking of the investigated superalloy can be attributed to the presence of low-melting-temperature
microconstituents at the grain boundaries, as confirmed by the coverings on the open surface of the
hot cracks.

As mentioned in this work, the presence of complex solidification products in the IN738 superalloy
made the welding or repair-welding very difficult. The occurrence of liquation cracking could not be
avoided if the low-melting constituents were present. Hot isostatic pressing is reported to be able to
heal those microcracks in the welds. To improve the weldability of this alloy, proper pre-weld heat
treatments to reduce borides and intermetallic contents should be put in the first priority. Regarding
the complete refurbishment of turbine blades, the machining of weld-repaired components is also
a very important issue. Super Abrasive Machining is reported to be a good solution to increase
machining efficiency during the production of blades and turbine disks [44]. Moreover, in case of
machining IN718 superalloy, high performance cutting can be obtained in those tools with proper
chemical vapor deposition (CVD) coating [45]. All those achievement in machining technologies will
make the refurbishment of aeronautic components more reliable and successful.

5. Conclusions

GTAW was applied to investigate liquation cracking in the HAZ of the IN738 superalloy weld.

(1) The microstructures of IN738 superalloy showed extensive precipitation of cuboidal γ’ and coarse
MC carbides in the γ matrix. Several different microconstituents were found in the interdendritic
boundaries of the cast alloy. The terminal microconstituents in distinct morphologies present at
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the grain boundaries included MC carbides, Cr-Mo borides, Ni-Zr intermetallics, σ (Co-Cr) and
η-Ni3Ti phases.

(2) The occurrence of liquation cracking in the HAZ of IN738 weldment was interrelated with the
eutectic melting of terminal solidification products along interdendritic boundaries. Liquation
cracks were prone to initiate and propagate at interfaces between MC carbides and the γ matrix,
due to their higher contents among the solidification products. In addition, the lamellar eutectics
formed ahead of the γ-γ’ colonies. They were the mixture of Cr-Mo borides, Ni-Zr intermetallics,
σ and η-Ni3Ti phases, which were expected to melt at much lower temperatures than the matrix.

(3) The fracture appearance of the liquation cracks showed that the causes of liquation cracking of
the IN738 superalloy weld were strongly associated with the interdendritic microconstituents in
the cast structures.
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Abstract: The aim of the research was to characterize the soldering alloy In–Ag–Ti type, and to study
the direct soldering of SiC ceramics and copper. The In10Ag4Ti solder has a broad melting interval,
which mainly depends on its silver content. The liquid point of the solder is 256.5 ◦C. The solder
microstructure is composed of a matrix with solid solution (In), in which the phases of titanium
(Ti3In4) and silver (AgIn2) are mainly segregated. The tensile strength of the solder is approximately
13 MPa. The strength of the solder increased with the addition of Ag and Ti. The solder bonds with
SiC ceramics, owing to the interaction between active In metal and silicon infiltrated in the ceramics.
XRD analysis has proven the interaction of titanium with ceramic material during the formation
of the new minority phases of titanium silicide—SiTi and titanium carbide—C5Ti8. In and Ag also
affect bond formation with the copper substrate. Two new phases were also observed in the bond
interphase—(CuAg)6In5 and (AgCu)In2. The average shear strength of a combined joint of SiC–Cu,
fabricated with In10Ag4Ti solder, was 14.5 MPa. The In–Ag–Ti solder type studied possesses excellent
solderability with several metallic and ceramic materials.

Keywords: solder; ceramics; copper; flux-less soldering

1. Introduction

The application of ultrasonic power to form joints between different materials is a frequently
used method [1–3]. Ultrasonic power has numerous advantages regarding the formation of joints
between different materials: The absence of flux, bond soundness, high speed joint formation, and the
possibility to join metals with non-metals. These traits make the use of ultrasonic power greatly desired
in the field of soldering as well as in the electronics industry. The suitability of this technology has
been successfully documented by many scientific studies in the fields of brazing, soldering [1–4] and
transient liquid phase (TLP) bonding [5–9].

Applications of In-based solders are mainly used to solder dissimilar materials in the electronics
industry. One of the common applications of these alloys occurs when the service temperature is well
below the freezing point. This mainly concerns in the fields of space and inter-planetary research.
Electronic equipment suffers at very low temperatures. Advantages of using In and its alloys in
cryogenic temperatures include; excellent wettability, higher toughness, and excellent conductivity
when compared to the standard Sn–Pb solders [10–12].

Many researchers and research workplaces in the world are devoted to the study of solders
with high indium content. A study released in 1991 [13] investigated the deformation properties of
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In-based solders at both room temperature and −196 ◦C. InBiSn and InBi type solders were studied.
The InBi solder showed considerably higher toughness at −196 ◦C than the InBiSn solder. Therefore,
the authors demonstrated that the InBi solder is suitable for application in the electronics industry at
low service temperatures. Research of the properties of In and In-based solders at low temperatures
was mentioned in several studies [14–17].

All authors agreed on the excellent properties of In and In-based solders in cryogenic temperatures.
However, residual stresses were observed in the soldered joints. The joint fabricated from In solder
was subjected to tensile loading after cooling down and exhibited the highest residual stresses during
thermal changes.

In-based solders are used in the electronics industry as a substitute for banned Pb-based solders.
The authors of this work [18] examined the issues of soldering Al–Si alloys using a solder of high
indium content with ultrasound assistance. They studied the formation of multi-phase reinforced
bonds when soldering with a Sn51In solder. The bonds were formed from Si particles, creating a solid
solution of Al–In and intermetallic phases. They found that joint strength may increase with longer
periods of ultrasound assistance. The period of ultrasound activity was 0.2, 1, 15, and 25 s. At 0.2 s,
the measured joint strength was 0.28 MPa, at 15 s it was 4.89 MPa, and at 25 s, the strength rose to
6.81 MPa.

The authors of Reference [19] used an In-based solder for the study of intermetallic phases formed
in the interface between the Ni substrate and In49Sn solder. In that case, the soldering was performed
in a vacuum furnace, with infrared heating, and the application of flux. The intermetallic phases
of NiInSn were formed in the interface. The soldering time varied from 15 to 240 min. However,
this process was rather time demanding, therefore, the authors preferred to use technologies that
applied ultrasound, as the soldering time takes just a few seconds. This prevents the dissolution of the
substrate in the liquid solder and excessive formation of intermetallic phases, both of which affect the
strength of the joints.

The aim of this research is to characterize the soldering alloy type In10Ag4Ti. This solder is
intended for lower temperature soldering, which Sn active solders (e.g., Sn3.5Ag2Ti solder) do not
cover. Indium and titanium were selected because both are active metals. Indium has excellent
wettability on many metallic and non-metallic materials. Its disadvantage as a base solder is its low
tensile strength of 2–4 MPa. Therefore, the solder was alloyed with 10 wt % of Ag, in order to increase
the strength of the In matrix of the solder and improve electrical conductivity. The amount of active
metal Ti used varied between 2 to 6 wt %. Therefore, 4 wt % of Ti was proposed. Titanium is an active
metal with a high affinity for many elements. It was examined whether the designated composition
of the soldering alloy was suitable for soldering SiC ceramics and copper substrates under defined
conditions. Thus, this research consisted of the study of solder proper, and its interactions with
solder-substrate interfaces.

2. Experimental Section

After determining the weight proportions of the prepared alloy, weighing of individual components
was performed. Materials with a purity of 4N or higher were used for solder manufacturing.

The chemical composition of the prepared alloy is shown in Table 1.

Table 1. The chemical composition of soldering alloy in wt %.

Sample In [%] Ag [%] Ti [%]

In–Ag–Ti 86.0 10.0 4.0

Substrates of the following materials were used in experiments;

• ceramic SiC substrate in the form of disks Ø 15 × 3 mm;
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• metallic Cu substrate with 4N purity of dimensions Ø 15 × 2 mm and 10 × 10 × 2.5 mm.

A hot-plate with thermostatic regulation was used for the fabrication of soldered joints. The SiC
substrate was placed on the hot-plate, the solder was then added, and heated to soldering temperature.
Soldering was performed using Hanuz UT2ultrasonic equipment with the parameters given in Table 2.

Solder activation was accomplished via an encapsulated ultrasonic transducer consisting of
a piezo-electric oscillating system and a titanium sonotrode with a tip diameter of Ø 3 mm.
The soldering temperature was 230 ◦C. Soldering temperature was checked by a continuous
temperature measurement of the hot-plate by a NiCr–NiSi thermocouple. The time of ultrasonic
power use was 5 s.

Soldering was performed without flux. The redundant layer of oxides on the surface of molten
solder was removed. An identical procedure was repeated with the other substrate. Substrates with
molten solder were then attached to each other, thus, forming a joint. A schematic representation of
this procedure is shown in Figure 1.

Table 2. Soldering parameters.

Ultrasound Power 400 [W]

Working Frequency 40 [kHz]
Amplitude 2 [μm]

Soldering Temperature 230 [◦C]
Time of Ultrasound Activation 5 [s]

Figure 1. Schematic representation of soldering process at the presence of ultrasonic power.

Metallographic preparation of specimens from soldered joints was done using the standard
metallographic procedures for specimen preparation. Grinding was performed using SiC emery
papers with granularities of 240, 320, and 1200 g/cm2. Polishing was performed with diamond
suspensions of grain size: 9, 6, and 3 μm. Final polishing was performed by a OP-S (Struers, Detroit,
MI, USA) polishing emulsion with 0.2 μm granularity.

The solder microstructure was studied with scanning electron microscopy (SEM) using microscope
types TESCAN VEGA 3 (Brno, Czech Republic) and JEOL 7600 F (Belfast, Northern Ireland)
with a X-ray micro-analyzer type Microspec WDX-3PC, used to perform both qualitative and
semi-quantitative chemical analysis. The X-ray diffraction analysis was used for the identification of
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phase composition of the solder. X-ray diffraction measurements were carried out using a PANalytical
Empyrean diffractometer in Bragg–Brentano geometry (EA Almelo, The Netherlands). Characteristic
CuKα1,2 (CuKα1 = 1.540598 × 10−10 m, CuKα2 = 1.544426 × 10−10 m) was emitted at an accelerating
voltage of 40 kV and a beam current of 40 mA, and was collimated using fixed slits. Diffracted radiation
was collected using area-sensitive detectors operating in 1D scanning mode. XRD data were analyzed
using the ICSD Inorganic Crystal Structure Database and ICDD PDF2 powder diffraction and crystal
structure database. The differential scanning calorimetry (DSC) analysis of the In–Ag–Ti solder was
done using Netzsch STA 409 C/CD equipment that was shielded with Ar gas of 6N purity.

A shear test was performed to determine the mechanical properties of the soldered joints.
A schematic representation of the sample and a measurement scheme of shear stress are shown
in Figure 2. Shear strength was measured using a versatile LabTest 5.250SP1-VM tearing machine.
To alter the direction of tensile force acting upon the test piece, a special jig with the defined shape
of the test piece was applied. This shearing jig ensured uniform shear loading of the specimen in
the plane of the interface between the solder and substrate. The loading velocity of the sample was
1 mm·min−1.

Figure 2. The scheme of shear stress measurement (unit: mm).

3. Experimental Results

3.1. DSC Analysis

DSC analysis was performed to determine the melting point of the solder. The curve of the
In10Ag4Ti solder at a heating rate of 10 K·min−1 is documented in Figure 3. Two pronounced peaks
were obtained. The first peak, of maximum temperature146.9 ◦C, corresponds to the temperature of
eutectic transformation, after which the mechanical mixture of the solid solution (In) and intermetallic
phase of AgIn2—ϕ was formed. In accordance with the binary diagram of the authors [20],
the temperature of eutectic transformation should be 144 ◦C, but the slight amount of Ti contained in
the solder increased the melting point of eutectics to 146 ◦C. Approximately 65% of the solder volume
was molten at the first peak.

The second peak, of maximum temperature 178 ◦C, represents the peritectic reaction in the Ag–In
system. After this peritectic reaction, an intermetallic phase of Ag2In was formed in the melt. At the
second peak, approximately 19% of the volume of solder was molten.

The third peak, of temperature approximately 215 ◦C, represented the second peritectic reaction
in the Ag–In system. After this peritectic reaction, the Ag3In phase was formed in the melt.

The fourth peak, at 245.6 ◦C, represented the termination of melting of the components in the
Ag–In system—Figure 4. The titanium phase, Ti3In4, which occurs in the matrix of the indium solder,
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was not yet fully molten at this temperature. In accordance with the binary diagram of In–Ti [21], this
phase will be fully molten at 796 ◦C—Figure 4.

From the results of the DSC analysis it is obvious that the Ag addition decreased the melting
point of the In10Ag4Ti solder, while the Ti addition slightly increased the melting point.

Figure 3. DSC analysis of In10Ag4Ti solder at the heating rate of 10 K·min−1.

Figure 4. Incomplete binary diagrams Ag–In and In–Ti [20,21].

3.2. Microstructure of In10Ag4Ti Solder

The microstructure of the In10Ag4Ti soldering alloy, shown in Figure 5, consists of a indium
solder matrix, where the intermetallic silver phases, mainly AgIn2, are uniformly distributed, it also
contains the non-uniformly distributed phases of the titanium solid solution, α-Ti, see Figure 5b.
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Figure 5. Microstructure of In10Ag4Ti solder from the optical microscope (a) in polished condition and
(b) in etched condition.

EDX analysis was performed to determine the chemical composition of the individual components
in the soldering alloy. The points of measurements are shown in Figure 6 and Table 3. These are
marked from 1 to 4.

Figure 6. Point EDX analysis of In10Ag4Ti solder.

Table 3. Point EDX analysis of In10Ag4Ti solder.

Spectrum In [wt %] Ag [wt %] Ti [wt %] Solder Component

Spectrum 1 13.8 0 86.2 solid solution (Ti)
Spectrum 2 68.4 31.6 0 phase AgIn2
Spectrum 2 67.7 32.3 0 phase AgIn2
Spectrum 3 85.9 0 14.1 phase Ti18In7
Spectrum 4 99.2 0 0.8 matrix (In) + phase Ti3In4

The dark-grey phase in Figure 6, designated as Spectrum 1, is composed of a titanium (Ti) solid
solution. The bright zones are due to the AgIn2 phase. The solder matrix consists of a fine mechanical
mixture of (In) + Ti3In4 phase. The dark particles in the microstructure are comprised of SiC and
abrasive. The solder is very soft and the grains of abrasive are stuck to it.

Diffraction XRD analysis of the In10Ag4Ti solder has proven the presence of solid solution (In),
intermetallic phase AgIn2 and the presence of intermetallic phase titanium Ti3In4. The record of the
diffraction analysis is documented in Figure 7. The solid solution (Ti) and intermetallic phase (Ti18In7)
occur in the matrix only scarcely and were undetected by XRD analysis.
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Figure 7. XRD analysis of In10Ag4Ti solder.

The planar distribution of silver phase AgIn2 and titanium phases in the matrix of indium solder
is documented in Figure 8. The origin of the dark particles in the solder matrix is from abrasive.

Figure 8. Map of In, Ag, and Ti elements.

3.3. Microstructure of SiC–In10Ag4Ti–Cu Joint

The SiC–In10Ag4Ti–Cu soldered joint was fabricated at 230 ◦C. Owing to ultrasound activation,
an acceptable bond was achieved using a soldering process that did not contain cracks or other
irregularities. The microstructure of the soldered joint is shown in Figure 9.
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Figure 9. Microstructure of the SiC–In10Ag4Ti–Cu joint (a) from optical microscope; (b) from SEM.

Figure 9a shows that the larger particles of solid solution (Ti) remained preserved in the solder
matrix after ultrasonic soldering. EDX analysis of the soldered joint was done to determine the
chemical composition and identification of individual phases (Figure 10 and Table 4).

Figure 10. EDX point analysis of the SiC–In10Ag4Ti–Cu joint.

Table 4. EDX point analysis of the SiC–In10Ag4Ti–Cu joint.

Spectrum In [wt %] Ag [wt %] Ti [wt %] Solder Component

Spectrum 1 99.2 0.1 0.7 eutectic In-Ti, In-Ag
Spectrum 2 35.6 64.4 0 phase Ag2In
Spectrum 3 70.1 29.9 0 phase AgIn2
Spectrum 4 0 0 0 abrasive particle Al2O3
Spectrum 5 29.8 0 70.2 solid solution (Ti)—α-Ti

Silver phases of Ag2In and AgIn2 as well as titanium phases occurred in the solder matrix after
soldering. The matrix was composed of In eutectics; Ti and Ag elements were present, but only in low
concentrations. Zones with undiluted copper have also occurred in the solder matrix.

Based on previous studies [22,23], it was supposed that the active Ti element would concentrate
in the interface with the ceramic SiC material, where it would then form new phases as a result of
the interaction between the solder and the substrate, for example, the formation of Ti–C and Ti–Si.
However, no interaction of titanium was accompanied with the formation of new phases in the
interface of the solder-SiC ceramics, as observed by EDX analysis, in spite of Ti mapping along the
entire interface of the solder-ceramics.
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However, the connection of both materials was satisfactory and lacked formation pores or cracks
at the joint interface. The EDX point analysis of the SiC-solder interface is shown in Figure 11 and
Table 5. The planar distribution of elements is documented in Figure 12. From the planar distribution
it is obvious that Ti is non-uniformly distributed across the entire solder volume, however, its local
interaction cannot be excluded.

Figure 11. EDX point analysis of the SiC–In10Ag4Ti joint.

Table 5. EDX point analysis of the SiC–In10Ag4Ti joint.

Spectrum
In

[wt %]
Ag

[wt %]
Ti

[wt %]
Cu

[wt %]
Si

[wt.%]
C

[wt %]
Component

Spectrum 1 0 0 0 0 60.1 39.9 ceramics SiC
Spectrum 2 0 0 0 0 59.3 40.7 particle SiC
Spectrum 3 15.3 0.3 0 84.4 0 0 solid solution (Cu)
Spectrum 4 0 0 0 100 0 0 particle Cu
Spectrum 5 54.7 19.4 19.5 6.4 0 0 -

Bond formation is due to the interaction of indium with the surface of the SiC material: During
the soldering process the indium particles are distributed to the interface of the SiC ceramics, due
to the effect of ultrasonic activation, where they are combined with the silicon infiltrated in the SiC
ceramics. The bond of indium with ceramics has an adhesive character, and does not form the new
type Ti–C or Ti–Si contact phases.

Line analysis and concentration profiles of elements Ti and In (Figure 13) prove that Ti is not
segregated in the interface of the ceramic SiC material, but that a significant effect is exerted one bond
formation by indium.
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Figure 12. Planar distribution of Si, In, Ag, and Ti elements in the interface of the SiC–In10Ag4Ti joint
(a) interface microstructure; (b) Si; (c) In; (d) Ag; and (e) Ti.
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Figure 13. The line EDX analysis of the SiC–In10Ag4Ti joint (a) transition zone with a marked line;
(b) concentration profiles of Ti, C, Si, In, and Ag elements.

3.4. Analysis of the Transition Zone in Cu–In10Ag4Ti Joint

Analysis primarily focused on the transition zone of the joint. Two intermetallic phases,
(CuAg)6In5 and (AgCu)In2, were analyzed in the interface of the Cu–In10Ag4Ti joint; the phases
were the result of an interaction between the indium solder and copper substrate. The effect of the
active Ti element on bond formation with the copper substrate was negligible.

The (CuAg)6In5 phase was narrow, with a thickness of approximately 1 μm, this was more similar
to copper and had a higher Cu content when compared to Ag. The (CuAg)6In5 phase, shown in
Figure 14, corresponded to the composition at the point of Spectrum 1. The (AgCu)In2 phase was
closer to the solder and had a higher silver content (approximately 23 wt %), when compared to copper
(approximately 7 wt %); it was wettable by the solder. The (AgCu)In2 phase was relatively heavy with
a thickness of up to 13 μm. It corresponded to the composition at the measured point in Spectrum 2,
see Table 6.

Figure 14. EDX point analysis of the interface of the Cu–In10Ag4Ti joint.
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Table 6. EDX point analysis of the interface of the Cu–In10Ag4Ti joint.

Spectrum In [wt %] Ag [wt %] Cu [wt %] Component

Spectrum 1 58.5 8.2 33.3 phase (CuAg)6In5
Spectrum 1 57.6 7.3 35.1 phase (CuAg)6In5
Spectrum 2 69.8 23.2 7.0 phase (AgCu)In2

The results of the EDX point analysis were proven by the course of concentration profiles of In,
Ag, and Cu elements in Figure 15. An increase in concentration of Ag can also be observed. This relates
to the formation of IMC (AgCu)In2, which contains up to 23 wt % Ag.

Figure 15. The concentration profiles of Cu, In, and Ag elements in the interface of the Cu–In10Ag4Ti
joint in the zone of formation of the new intermetallic phases, (CuAg)6In5 and (AgCu)In2.

3.5. Shear Strength of Soldered Joints

This study was primarily oriented toward the soldering of SiC ceramics with copper substrate.
Owing to the potential application and further use of active In10Ag4Ti solder in industrial practice,
the testing of shear strength was also extended to other metals (Cu, Ag, Ni, Al, and stainless steel type
AISI 316) and ceramics (Si3N4, Al2O3, ZrO2, and AlN).

The ceramics were always tested in combination with a copper substrate. The metals were mutually
tested as Cu–Cu, Ag–Ag, etc. Measurements were performed with 3 specimens of each material.
The results of the average shear strength testing are documented in Figure 16. Marked deviations
represent the minimum and maximum values measured.

The greatest shear strength of the ceramic-metal combinations, 19 MPa, was observed in the
AlN–Cu joint. A similar strength of 18 MPa was observed in the ZrO2–Cu joint. Other material
combinations, such as SiC–Cu, Si3N4–Cu, and Al2O3–Cu, demonstrated comparable average shear
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strengths ranging between 13 and 13.5 MPa. Of the metals, the greatest average shear strength was
observed in the joint of two metallic Ni materials—19 MPa.

However, this metal also exerted the highest scatter of measurements, between 14 and 24 MPa.
Metals Al, Ag, Cu, and AISI 316 displayed average shear strengths between 15 and 16 MPa.

From these results it can be concluded that the strength of ceramic-metal joints, in the case of
In10Ag4Ti solder, is comparable to that of metal-metal joints. This is caused by the excellent wettability
of indium on ceramic materials in conjunction with ultrasonic activation.

Figure 16. Shear strength of soldered joints with In10Ag4Ti solder.

3.6. Analysis of Fractured Surfaces

The fractured surfaces of joints were analyzed for more exact identification of the bond formation
mechanism. Figure 17a,b shows the fractured surface at the interface of a SiC–In10Ag4Ti–Cu joint.

The fractured surface, on the side containing SiC ceramics, remained completely covered with
solder. A ductile fracture occurred within the solder. An analysis of the planar distribution of Si, C,
In, Ag, and Ti elements was carried out on the fractured surface, as is documented in Figure 18b–f.
Regarding the planar distribution of Si, which represents the SiC ceramics in Figure 18b, local spots
may be observed, caused by ripping out of solder from the substrate surface.

The character of Ti distribution on the fractured surface, Figure 18f, suggests that Ti is partially
bound with the SiC ceramics and may thus contribute locally to bond formation. Therefore, an XRD
analysis of the fractured surface in the interface of the SiC–In10Ag4Ti joint was performed.

Nevertheless, it was found that Ti from the solder locally reacted with the surface of the ceramic
SiC material at the formation of new phases. Thus, two minority phases, namely the titanium silicide,
SiTi, and titanium carbide, C5Ti8, were identified, which proves the interaction of titanium with the
surface of the SiC ceramics. The record of XRD analysis is documented in Figure 19. Besides the SiTi
and C5Ti8 phases, other minority phases, such as (In), (Ti), AgIn2, and Ti3In4, were also proved by
EDX analysis.
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Figure 17. Fractured surface of soldered joint of SiC–In10Ag4Ti–Cu (a) 45 times magnification, (b) 400
times magnification.

Figure 18. Fractured surface of the soldered joint of SiC–In10Ag4Ti–Cu and the planar distribution of
individual elements (a) structure of fracture; (b) Si; (c) C; (d) In; (e) Ag; and (f) Ti.
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Figure 19. XRD analysis of the interface of SiC–In10Ag4Ti joint.

4. Conclusions

The aim of our research was to characterize the In–Ag–Ti soldering alloy type. We also studied
whether the designed composition of the experimental soldering alloy is suitable for soldering SiC
ceramics and copper with ultrasound assistance. The following results were achieved;

• DSC analysis was employed to determine the melting point of solder. The DSC curve shows
four basic peaks. The first peak, with a maximum temperature of 146.9 ◦C, corresponds to
the temperature of eutectic transformation in the binary system of Ag–In. 65% of the solder
volume was molten at this peak. The second and third peak, with maximum temperatures of
178 ◦C and 215 ◦C, respectively, represent the peritectic reactions in the Ag–In system, 19% of the
solder volume was molten. The fourth and final peak, with a maximum temperature of 245.6 ◦C,
represented the termination of melting of the components in the Ag–In system.

• The microstructure of the In–Ag–Ti type solder was composed of a solder matrix formed
by fine eutectics—(In) + Ti3In4 phase. The solder matrix contains uniformly distributed
intermetallic phases of silver, mainly AgIn2, and non-uniformly distributed phases of titanium
solid solution—α-Ti.

• The SiC-solder bond is formed due to the interaction of indium with the surface of ceramic SiC
material: During the soldering process, the indium particles are distributed to the interface with
SiC ceramics under the effect of ultrasonic activation, where they combine with the silicon of
the SiC ceramics. The indium-SiC bond has an adhesion character, barring the formation of new
contact phases. However, XRD analysis proved a local interaction of titanium with the ceramic
materials during the formation of new minority phases of titanium silicide (SiTi) and titanium
carbide (C5Ti8).

• Two new intermetallic phases, namely (CuAg)6In5 and (AgCu)In2, were identified in the interface
of the Cu–In10Ag4Ti joint, this was the result of the interaction between indium solder and
copper substrate. The effect of an active Ti element on bond formation with the copper substrate
was negligible.

• The measurement of shear strength was performed across a wide scope of metallic and ceramic
materials. The average shear strength of a combined joint of SiC–Cu, fabricated with In10Ag4Ti
solder, was 14.5 MPa. The results of measurements show that the strength of ceramic–metal joints
in the case of In10Ag4Ti solder is comparable to that of metal-metal joints. This is because of the
excellent wettability of indium on the ceramic materials at ultrasonic activation.
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23. Koleňák, R.; Šebo, P.; Provazník, M.; Koleňáková, M.; Ulrich, K. Shear strength and wettability of active
Sn3.5Ag4Ti(Ce, Ga) solder on Al2O3 ceramics. Mater. Des. 2011, 32, 3997–4003. [CrossRef]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

171



metals

Article

The Role of a MDP/VBATDT-Primer Composition on
Resin Bonding to Zirconia

Anuj Aggarwal 1 and Grace M. De Souza 2,*

1 Faculty of Dentistry, University of Toronto, 124 Edward Street, Toronto, ON M5G1G6, Canada;
dranuj@yahoo.com

2 Department of Clinical Sciences, Faculty of Dentistry, University of Toronto, 124 Edward Street,
Toronto, ON M5G1G6, Canada

* Correspondence: grace.desouza@dentistry.utoronto.ca; Tel.: +1-416-8648206

Received: 26 February 2018; Accepted: 4 April 2018; Published: 7 April 2018

Abstract: Yttria-tetragonal zirconia polycrystal (Y-TZP) is a difficult substrate to bond to due
to the absence of a glass phase and the material’s chemical inertness. This study evaluated the
effect of two monomers for metal, MDP (10-methacryloyloxydecyl dihydrogen phosphate) and
VBATDT (6-(4-vinylbenzyl-n-propyl)amino-1,3,5-trizaine-2,4-dithiol) on bond strength to Y-TZP.
Seven combinations with different concentrations of MDP and VBATDT-monomers (0.0, 0.1, 0.5, or
1.0 wt %) in acetone solution were developed and applied to the surface of Y-TZP slabs, which were
bonded to composite resin substrates using a resin cement under standard loading. Non-primed
samples were used as controls. Bonded specimens were cut for microtensile testing and tested
after either 48 h or 180 days in water storage at room temperature. All samples from control group
(no primer) and MV5 group (0% MDP/0.5% VBATDT) debonded spontaneously. Two-way ANOVA
showed that the primer had a significant effect (p < 0.001) on bond strength to zirconia, whilst storage
time did not (p = 0.203). Tukey HSD (honest significant difference) test indicated that groups with
at least 0.5% of each monomer resulted in higher initial bond strength values. Although chemical
bonding to zirconia is credited to MDP, a correct balance between MDP and VBATDT may imply in
better bond strength results. The minimum concentration of each monomer should not be lower than
0.5 wt %.

Keywords: high-crystalline content zirconia; active monomers; oxide layer

1. Introduction

Three mol % yttria-tetragonal zirconia polycrystalline (Y-TZP) is a ceramic used in a variety
of applications, such as thermal barrier protection in aero and industrial gas turbines, oxygen
sensors and fuel cell membranes [1]. Y-TZP is also the strongest ceramic available for application in
dentistry and orthopedics, which makes it highly indicated to replace missing posterior teeth [2,3].
Furthermore, the combination of zirconia and porcelain veneer coverage results in a highly aesthetic
dental restoration [4]. Nonetheless, achieving good adhesion between zirconia-based prosthesis
and resin cements is a challenge given the low bond strength values between these two substrates
which are a consequence of the crystalline content of Y-TZP [5,6]. Hydrofluoric acid, for example,
dissolves the glass phase of silica-based ceramics increasing surface area, but it does not modify the
surface morphology of Y-TZP [7]. Airborne particle abrasion is an alternative to increase the inner
surface roughness of Y-TZP copings, in an attempt to improve micromechanical interlocking and,
consequently, the bond strength to resin cements [8,9]. However, it has been shown that sandblasting
the zirconia surface for 5 s with particles of ~50 μm creates surface damage and reduces cyclic fatigue
resistance in approximately 30%, by introducing flaws that would propagate under cyclic loading and,
therefore, compromise the longevity of all-ceramic restorations [10]. A decrease in reliability of 110 μm
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particle-abraded zirconia specimens has also been demonstrated [11]. Nonetheless, according to
Scherrer et al. [12], airborne particle abrasion using 30 μm alumina particles not only avoids undesired
damage to the surface, but also improves the fatigue behavior of some materials [12]. However,
sandblasting, itself, does not promote high bond strength to different luting systems [5,13] and the
composition of the resin-based luting system is more critical than the size of the particles employed for
surface abrasion [14].

The chemical inertness of zirconia also represents a challenge in the luting process, due to its low
surface energy and wettability [15]. Additionally, its nonpolar surface has high corrosion resistance
and does not chemically interact with potentially adhesive materials [16]. Considering that Y-TZP
is essentially zirconium oxide [17], the application of primers developed for metal bonding may
improve the bond strength between zirconia and luting systems, without causing further mechanical
damage to the structure of the material [18]. 10-Methacryloyloxydecyl dihydrogen phosphate (MDP)
is a monomer with high affinity to base metals [19]. The hydroxyl groups of the oxide layer on Y-TZP
seem to react with the phosphate ester monomer of the MDP, leading to strong chemical reactions
at the interface between the two materials [20]. The better bond strength may be due to either Van
der Walls forces or hydrogen bonds [21]. MDP-based materials have been used in association with
airborne particle abrasion [8,9,22] or without any mechanical modification of the surface [19,23,24], and
results indicate that the bond strength between zirconia and resin cement is higher when MDP-based
materials are employed, irrespective of the mechanical treatment [20,25]. However, the six-month
stability of the MDP-mediated bonding and non-sandblasted zirconia is questionable [24].

Interestingly, in a previous study developed by our research group, only the application of
a commercial primer containing MDP and 6-(4-vinylbenzyl-n-propyl)amino-1,3,5-triazine-2,4-dithione
(VBATDT) was capable of promoting high and stable bond strength to Y-TZP intaglio’s surface as
opposed to a primer containing only MDP [19]. Similar results were obtained when that primer was
compared to other commercial primers making use of different monomers [23]. The successful primer
is a solution of MDP and VBATDT dispersed in acetone and the ratio between the two monomers is
not disclosed by the manufacturer. Considering that this primer was developed for bonding to metal
infrastructures [26], it can be hypothesized that the formulation is not optimized for Y-TZP-based
substrates, and that variations in the ratio between the two monomers may clarify the importance of
each of them on bonding to Y-TZP.

Therefore, this study evaluated the effect of both, MDP and VBATDT, on bonding and stability of
the bonding between Y-TZP and resin-based cement. This was assessed by developing experimental
solutions with different ratios of both molecules and evaluation of the bond strength at different
storage times. The null hypotheses were that bond strength is not affected by the composition of the
primer and that storage time has no effect on bond strength.

2. Materials and Methods

Materials used in this study are listed in Table 1. Fully-sintered zirconia cylinders (97% zirconium
dioxide stabilized with 3% yttria-lava frame, 3 M ESPE, St. Paul, MN, USA) with 19 mm diameter and
100 mm height were cut to obtain 20 slices with 4 mm thickness. The disc-shaped slices had both faces
ground up to 600 grit carbide silicon paper (Buehler Canada, Whitby, ON, Canada) under water cooling
pressure. An impression of one of the slices was taken and 6 mm-thick composite resin substrates
(Clearfil Majesty Esthetic, Kuraray America Inc., Huston, TX, USA) were incrementally built, with
each 1 mm layer being light-activated for 40 s (850 mW/cm2, VIP Jr., Bisco Inc., Schaumburg, IL, USA).
Light-output was confirmed throughout the study using a laboratory-graded spectroradiometer
(CheckMARC, BlueLight Analytics, Halifax, NS, Canada). The composite resin substrates were
aged in deionized water for 30 days to provide hydration and avoid later hygroscopic expansion.
After the storage period, both sides of each composite resin sample were finished using the same
method described for Y-TZP samples, so that flat surfaces of standard roughness could be produced.
Y-TZP and composite resin substrates were cut in half with a diamond blade under water cooling, to
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generate 40 samples of each material. Samples were ultrasonically cleaned in distilled water for 10 min
and stored in distilled water at room temperature.

Table 1. Names, formulation, and additional information about the materials employed.

Commercial Materials

Material
Manufacturer Classification Composition

Lava Frame
3M ESPE, St. Paul, MN, USA High-crystalline content zirconia 97 mol % zirconium dioxide and 3 mol % yttrium dioxide

Clearfil Majesty Esthetic
Kuraray America, Inc., New York, NY, USA

Light-cure nanohybrid resin composite,
shade A2

BisGMA, hydrophobic aromatic dimethacrylate,
hydrophobic aliphatic methacrylate, silanated barium
glass filler, pre-polymerized organic filler
dl-Camphorquinone

Clearfil Esthetic Cement EX
Kuraray America, Inc., New York, NY, USA Self-etch dual-cure resin-based cement

BisGMA, TEGDMA, hydrophobic aromatic
dimethacrylate, silanated silica filler, silanated barium
glass filler, colloidal silica

Experimental primers

MV1 0.5 wt % MDP and 0.0 wt % VTATDT in acetone
MV2 0.5 wt % MDP and 0.1 wt % VBATDT in acetone
MV3 0.5 wt % MDP and 0.5 wt % VBATDT in acetone
MV4 0.5 wt % MDP and 1.0 wt % VBATDT in acetone
MV5 0.0 wt % MDP and 0.5 wt % VBATDT in acetone
MV6 0.1 wt % MDP and 0.5 wt % VBATDT in acetone
MV7 1.0 wt % MDP and 0.5 wt % VBATDT in acetone

BisGMA: bisphenol A diglycidylmethacrylate; TEGDMA: triethylene glycol dimethacrylate; MDP: 10-
Methacryloyloxydecyl dihydrogen phosphate; VBATDT: 6-(4-vinylbenzyl-n-propyl)amino-1,3,5- triazine-2,4-
dithione.

Zirconia and composite resin blocks were randomly assigned to one of 8 test groups
(n = 5), seven experimental and one control group, according to the treatment to be applied.
Seven combinations of MDP (10-methacryloyloxydecyl dihydrogen phosphate) and/or VBATDT
(6-(4-vinylbenzyl-n-propyl)amaino-1,3,5-trizaine-2,4-dithiol) primers were developed and the final
composition may be seen in Table 1. Monomer ratios were calculated by weight percent (wt %) and
acetone was used as a solvent. One group with no primer application was designated as control.

The Y-TZP surface was air-dried and two layers of the primer were applied with a microbrush.
After 60 s, solvent was removed with a gentle air blast. Composite resin surfaces were prepared
following the directions of the resin cement manufacturer. Dual cure cement (Clearfil Esthetic Cement
EX, Kuraray America Inc., New York, NY, USA) was placed on the treated zirconia surface and the
composite substrate was placed over the cement and held under a 600 gf load. The excess cement was
removed with a spatula and light-activation was performed perpendicular to the adhesive interface at
four different locations around the sample (40 s each at 850 mW/cm2, VIP Jr., Bisco Inc., Schaumburg,
IL, USA). Cemented samples were stored in deionized water at room temperature (~22 ◦C).

After 24 h storage, slabs were obtained by cutting the blocks perpendicularly to the adhesive
interface with a diamond blade under water cooling. A second cut, perpendicular to the first one,
was carried out resulting in beams of approximately 1 mm2 cross-sectional area and 10 mm length.
Specimens were then stored in deionized water at room temperature (~22 ◦C) and tested after two
aging periods: 48 h and 180 days. For the longer storage groups (180 days), water was replaced on
a weekly basis.

Five beams were randomly selected from each sample for the microtensile testing. The remaining
beams were kept in deionized water. Each specimen was individually attached to a special jig with
cyanoacrylate glue (Krazy Glue, Elmers Products, High Point, NC, USA). Testing was performed in
a universal testing machine (Model 5565, Instron Corp., Norwood, MA, USA) at a crosshead speed
of 0.5 mm/min and the load at failure was recorded. The dimensions of each beam at the bonded
interface were measured with a digital caliper to determine the cross-sectional area and nominal bond
strength (in MPa) was calculated. After 180 days, five beams were randomly selected again from
each sample and the bond strength test was repeated following the same protocol. Both portions
of each tested beam were evaluated under stereomicroscope (60× magnification, Olympus SZ61,
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Olympus America Inc., Center Valley, PA, USA) and the mode of failure was classified as type 1
(adhesive between ceramic and cement), type 2 (adhesive between composite and cement), or type
3 (mixed failure). One entire sample (both zirconia and composite resin portions) from each group
and each mode of failure was selected for electron scanning microscopy (SEM-JEOL JSM-66 10 LV,
Tokyo, Japan) after sputter coating with carbon for 10 s.

For statistical purposes, each cemented sample was considered as the experimental unit (n = 5)
and beams were considered repetitions within the same sample. A two-way ANOVA was conducted
to evaluate the effect of treatment and storage time on bond strength. Tukey HSD (honest significant
difference) was applied to compare the experimental groups (p = 0.05). If present, it was determined
beforehand that any pre-test failure would be treated as 0 MPa.

For the analysis of the atomic composition of the primers used, flat surfaces of Y-TZP
(4 × 4 × 1 mm3) were prepared as previously described and treated with two layers of the
corresponding primer, which was left undisturbed for one minute, after which it was vigorously
air-dried. Non-sputter-coated control and primer-treated samples were analyzed under energy
dispersive X-ray spectroscopy (EDS) analysis in an electron scanning microscope (JEOL, Tokyo, Japan)
fitted to an EDS detector (silicon drift detector with INCA data acquisition, Oxford Instruments,
Abingdon, UK).

3. Results

3.1. Microtensile Bond Strength Test

All the samples from group MV5 and control group debonded prior to the microtensile test, and
their bond strength values were included as 0 MPa (zero MPa) for statistical purposes. No pre-test
failures were observed for any of the other groups, and approximately 12–16 beams were obtained
from each sample. The two-way ANOVA was performed for the remaining groups. Primer had
a significant effect on bond strength results (p < 0.001) and there was no effect of storage time (p = 0.203).
The interaction primer versus time (p = 0.190) was not significant.

Descriptive statistics (means and standard deviations) of the bond strength data and results of
the Tukey HSD test (p = 0.05) are shown in Table 2. The highest mean bond strength was presented
by samples treated with MV3 (13.7 ± 5.0 MPa), which was similar to MV4 (12.2 ± 3.8 MPa) and
MV7 (11.9 ± 4.0 MPa) treated samples. Groups with the lowest percentage of any of the components
(MV1, MV2 and MV6) presented the lowest bond strength results (Table 2).

Table 2. Means (standard deviation–SD) of microtensile bond strength and Tukey HSD results for
primer irrespective of aging time.

Treatment Mean* (SD)

MV3 13.7 (5.0) A**

MV4 12.2 (3.8) AB

MV7 11.9 (4.0) AB

MV1 11.0 (3.5) B

MV2 10.3 (3.4) B

MV6 9.3 (3.8) B

MV5 0.0 (0.0) C

Control 0.0 (0.0) C

* Bond strength values expressed in MPa; ** Similar letters within the same column indicate statistically similar
bond strength results at 5% significance level.

3.2. Mode of Failure

Incidence of mode of failure for all experimental groups at both storage times is shown in Figure 1.
Analysis of mode of failure indicated that there was a decrease in type 1 (between ceramic and cement)
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failure after aging for all groups evaluated. MV3-treated groups presented higher incidence of type
2 failure (between composite and cement) at both storage times. Lower bond strength values were
associated with higher incidence of type 1 failure (groups MV1, MV2, and MV6). Pre-test failed
samples (control and MV5-treated) showed 100% incidence of type 1 failure.

Figure 1. Incidence of mode of failure for each experimental group at different storage times.

3.3. Energy Dispersive Spectroscopy

Analysis of the atomic composition of the primers applied on the Y-TZP surface indicated that the
molecules were not evenly distributed. Control sample, as expected, only indicated the presence of
zirconium, oxygen, and carbon (yttrium was not identified as a possible element to be encountered)
(Figure 2A). MV1 resulted in a film with some areas having higher concentration of phosphorous
and structures that appeared like “droplets” of higher carbon concentration, which was similar
to the MV2-treated surface. Application of MV3 resulted in a homogeneous film spread on the
surface, with even distribution of sulfur-rich and phosphorous-rich areas. MV4 resulted in a thin film
characterized by higher concentration of zirconium (Figure 2B) and droplets with higher concentration
of carbon and sulfur (Figure 2C). This was similar to MV7-treated surface, which showed a thin film
(gray area) with a distribution of dark spots rich in carbon, phosphorous, and sulfur (Figure 2D).
The MV5-treated surface showed a thin film throughout the surface where high concentration of
zirconium was observed, and seldom areas with low peaks of sulfur could also be encountered.
For the MV6-treated surface, there was a more subtle incidence of darker spots with slightly higher
concentration of sulfur and carbon in a thin film indicated by higher peaks of zirconium.
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Figure 2. SEM of primer-treated Y-TZP samples and spectra presented by energy dispersive
X-ray spectroscopy. (A) Control sample indicating high peaks of zirconium, oxygen, and carbon;
(B) MV4-treated surface, with a thin film coverage evidenced by high peaks of zirconium; Darker spots
seen on (C) (spectrum 4) show a higher concentration of sulfur and carbon covering the zirconium
surface. (D) MV7-treated surface, where high peaks of carbon, phosphorous, and sulfur are evidenced
in the darker areas (spectrum 2), compatible with high concentration of both monomers (carbon and
phosphorous from MDP and carbon and sulfur from VBATDT).
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4. Discussion

The present study evaluated the effect of different ratios of two monomers—MDP and
VBATDT—on bond strength between Y-TZP and resin-based luting system. To avoid any unexpected
effect of the cement’s chemistry on bond strength, the resin-based cement selected did not contain
either MDP or any other functional monomer in its composition. It has already been demonstrated
that MDP-containing cements result in higher and more stable bond strength than the one used in
the current investigation (Clearfil Esthetic Cement) [27]. Indeed, depending on the chemistry of
the resin-based cement, it can outperform the chemical impact of the primer treatment, eliminating
possible effects of the primer on bonding to Y-TZP [23,28]. Additionally, Y-TZP samples were not
air-abraded with alumina particles, which would have had an effect on surface roughness [29], possibly
increasing micromechanical interlocking by the penetration of the resin cement into the microretentions
created [14,30]. Therefore, it is possible to say that the bond strength results reported in the present
study are strictly related to the chemical interaction between Y-TZP oxide layer and primer, and
between primer and resin cement.

Analysis of the microtensile bond strength results indicated that primer had a significant effect
(p < 0.001) on bond strength between Y-TZP and resin cement. Therefore, the first null hypothesis
was rejected. The treatment with MV3 resulted in superior bond strength results when compared to
MV1, MV2, and MV6. The effectiveness of the bonding between MV3 and Y-TZP was also confirmed
by the high incidence of type 2 mode of failure, indicating that the weak link on those samples was
between resin cement and composite resin substrate. MV3 primer had a similar ratio (0.5 wt %)
between the two monomers of interest–MDP and VBATDT, and the bond strength results of MV3 at
48 h were significantly higher than those presented by groups where VBATDT content was absent
or lower (MV1 and MV2–0.0 wt % and 0.1 wt %, respectively), indicating that VBATDT may be
a critical molecule for bonding to zirconia substrates, which has not yet been reported in the literature.
A previous study published by our research group indeed showed that a MDP only-based primer
resulted in significantly lower bond strength than a MDP/VBATDT-based primer [19]. Many other
studies have already reported successful outcomes when MDP/VBATDT-primer is used to bond to
Y-TZP [18,19,28,31–33]. One might argue that the successful combination between MDP and VBATDT
has already been demonstrated by the extensive published research evaluating the efficacy of Alloy
Primer (commercial brand) on bonding to zirconia [26]. However, the ratio between the two monomers
has not been disclosed by the manufacturer (Kuraray America Inc., Huston, TX, USA), making it
difficult to assess which one of the monomers plays the most important role on Y-TZP surface adhesion.
Indeed, the importance of the synergistic effect of both, MDP and VBATDT, on initial bond strength
between Y-YZP and resin cement, had not been considered before.

The similar importance of both monomers on the chemical interaction with Y-TZP is evidenced
when MV3 results are compared to MV4 and MV7. The higher concentration of either MDP (MV7)
or VBATDT (MV4) was not capable of improving bond strength results (Table 2). MDP has two
functional groups, one is a di-valent phosphoryl group which is possibly adsorbed onto the Y-TZP
surface, and the other is a methacryloyl group that copolymerizes with resin monomers either in
the adhesive or in the resin cement composition [27]. VBATDT is a thione-thiol tautomer developed
to improve the bonding between noble metal alloys and methacrylate-based resins. The coupling
mechanism occurs by transforming thione in thiol and formation of the bond on the metal surface,
and copolymerization of the vinyl groups with the resin cement [34]. Although further studies are
necessary to precisely describe the mechanism of action of the VBATDT-molecule on the surface of
Yttria-stabilized zirconium dioxide, we hypothesize that the thione-thiol group bonds to the largely
available oxide layer of zirconia, somewhat contributing to the bond strength values. FTIR analysis
has been able to demonstrate the crystalline VBATDT embedded in the amorphous MDP solution,
indicating good miscibility between them [34] and leading to the hypothesis that one helps the other on
bonding to metal substrates, increasing bond strength values [31]. Based on our findings, it is possible
to speculate that the same is true for the surface of zirconium dioxide (ZrO2), that the miscibility
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of both monomers created a thin and uniform layer that resulted in superior bonding due to the
homogeneous distribution of stresses through the adhesive interface. The bonding was also chemically
stable. The interaction between both monomers is evidenced by the EDS images of the Y-TZP surface
treated with different primers. Figure 2B (MV4–spectrum 3) shows high peaks of carbon and zirconium
and is related to the MDP amorphous phase. Figure 2C (MV4–spectrum 4) shows higher peaks of
carbon and sulfur, which is present in the VBATDT molecule. The zirconium peak observed in this
spectrum is much lower, indicating that zirconium has been shadowed by the crystalline structure
of VBATDT. The homogeneous distribution of both monomers in the solution is characterized on
Figure 2D (MV7), where VBATDT is dispersed throughout the MDP amorphous phase. The analysis
of the results also shows that the MV4 and MV7-treated samples presented bond strength values that
were similar to MV1, MV2, and MV6-treated samples. This result may reflect the dissimilar ratio
between MDP and VBATDT monomers in MV4 and MV7 compositions, whereby higher and balanced
concentration of both monomers might have led to improved bond strength. The investigation of
the effect of higher and balanced concentrations of MDP and VBATDT up to a saturation level is of
great interest to clarify whether or not the chemical bonding between resin cement and Y-TZP can
be maximized.

The lowest bond strength results were obtained when the concentration of one of the monomers
was reduced, either MDP (MV6) or VBATDT (MV2). This further indicates that the association of
both monomers seem to be the key to succeed when bonding to Y-TZP. When MDP was absent in the
formulation (MV5), all of the samples debonded prematurely. Sample preparation for microtensile
testing is very critical, especially when a very hard and tough substrate, like fully-sintered Y-TZP,
needs to be cut through the adhesive interface. The vibration of the diamond blade may cause a high
incidence of pre-test failures. Although this was not experienced with any other group, samples treated
with MV5 could not withstand the challenges of sample preparation. A bond strength of at least 5 MPa
is necessary for the samples to survive microtensile sample preparation [35]. However, bond strength
values as low as 4.3 MPa were reported in a previous study using the same technique [24], indicating
that the bonding promoted by MV5 primer was probably inferior to 4.3 MPa. The primer application
per se was expected to improve bond strength between Y-TZP and resin cement due to the improved
wettability [30,36]. Kim et al. (2011) observed that the contact angle between zirconia and resin cement
may significantly impact bond strength and, the lower the contact angle, the higher the shear bond
strength [5]. Nonetheless, the surface wettability and the small contact angle between zirconia and
cement after MV5 application was not enough to promote sufficient adhesion to survive sample
preparation and pre-test failure was as high as that of control samples, without any primer application.
Results also indicate that at least 0.1 wt % of MDP (MV6) is required in the formulation to avoid
spontaneous failure.

When evaluating the effect of artificial aging on microtensile bond strength after primer
application, results indicated that storage time had no significant effect. Therefore, this research fails to
reject the second null hypothesis. In this study, beams with a cross-sectional area of approximately
1 mm 2 were stored in water at room temperature for either 48 h or 180 days. Given the small
cross-section of the adhesive interface, some hydrolytic degradation of the bonding was expected after
180 days water storage. However, the mode of failure presented by the experimental groups (Figure 1)
do not indicate the degradation of the zirconia-cement adhesive interface, but the degradation of
the bonding in other sites of the adhesive interface. In a previous study, only samples treated with
MDP/VBATDT commercial primer and bonded with a methacrylated phosphoric ester–based cement
showed stable bond strength after aging [19]. Nonetheless, in another study the same adhesive strategy
resulted in significant decrease of bond strength after six months [28]. Many factors may be related to
the stability of the bonding in the present study. The acidic functional monomer present in the MDP
formulation has been considered relatively stable to hydrolysis due to its long carbonyl chain [14,20].
The homogenous coverage of the surface with the MDP/VBATDT solution and the chemical affinity
between both molecules and the zirconia oxide layer may have reduced water penetration at the
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zirconia-primer interface. Additionally, an effective bonding between the methacryloyl groups in the
MDP molecules, the vinyl groups in the VBATDT molecules and the methacrylate-based resin cement
may have occurred, minimizing water penetration at the primer/resin cement interface.

The bond strength values for the primer-treated specimens that withstood sample preparation
ranged from 9.1 to 15.1 MPa. As mentioned above, cutting is a critical step for the adhesive interface of
zirconia-bonded specimens, due to the resistance offered by the fully sintered Y-TZP substrate and
the possible vibration of the blade during the extensive cutting procedures. Therefore, it is possible to
assume that the same chemical treatment would offer better bond strength values in a regular scenario.
In dentistry, for example, it has been stated that the minimum bond strength values for acceptable
clinical bonding should stay within 10 and 13 MPa [24,37]. Hence, the findings of the present study
indicate that it is possible to generate Y-TZP-based restorations with clinically-acceptable bond strength
without the need for alumina blasting the surface, as long as the primer treatment combines MDP
and VBATDT molecules in a concentration of at least 0.5 wt % MDP and 0.1 wt % VBATDT. Therefore,
to expand the results of the current study, the interaction between the chemical treatments and cements
with dissimilar composition should be further investigated.

5. Conclusions

The findings of the present study demonstrate that both monomers, MDP and VBATDT, are critical
for bonding to non-air particle abraded Y-TZP. The balanced highest concentration of both monomers
(0.5 wt %) resulted in the highest initial bond strength results and aging did not affect the overall bond
strength values.
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Abstract: The microstructural characteristics of a simulated heat-affected zone (HAZ) in SA213-T23
(2.25Cr-1.6W steel) used for boiler tubes employed in thermal power plants were investigated
using nital, alkaline sodium picrate, and Murakami’s etchants. In order to investigate the
microstructure formation process of the HAZ in the welding process, simulated HAZ specimens
were fabricated at intervals of 100 ◦C for peak temperatures between 950 and 1350 ◦C, and the
microstructural features and precipitate behavior at various peak temperatures were observed.
The alkaline-sodium-picrate-etched microstructures exhibited a black dot or band, which was not
observed in the natal-etched microstructure. As the temperature increased from 950 to 1350 ◦C,
the black dot and band became wider and thicker. Experimental analyses using an electron probe
micro-analyzer, electron backscatter diffraction, and transmission electron microscopy revealed the
appearance of austenite in the black dot region at a peak temperature of 950 ◦C; its amount increased
up to a peak temperature of 1050 ◦C and thereafter decreased as the peak temperature further
increased. The amount of M23C6 decreased with an increase in peak temperature. Based on these
results, we investigated the behaviors of austenite and M23C6 as functions of the peak temperature.

Keywords: SA213-T23; Cr-Mo steel; heat-affected zone; M23C6; carbide dissolution; tint etching

1. Introduction

Ultra-supercritical (USC) power plants are being operated under increasing pressure and
high-temperature conditions to reduce fuel costs, environmental pollutants, and greenhouse gas
emissions. SA213-T22 (2.25Cr-1Mo steel), a conventional boiler tube material used in water-wall
tubes in power plants, should be thickened for high-temperature and high-pressure applications [1,2].
However, if the tube becomes thicker than the ones commercially used, the construction costs will
increase owing to the change in boiler design and the increase in the number of welding passes [3–6].
Furthermore, there is an increased risk of thermal stress and welding defects during the operation of
the power plant.

Therefore, SA213-T23 (2.25Cr-1.6W steel), which has superior high-temperature creep properties
compared to the existing material SA213-T22 (2.25Cr-1Mo steel), was developed. In order to enhance
the high-temperature creep strength, T23 was developed by adding tungsten (1.6%) instead of reducing
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the molybdenum (0.2%) content compared to T22; additionally, vanadium, niobium, and boron were
added [7–11].

However, in the case of T23, reheat cracking has been reported during post-weld heat treatment
(PWHT) to mitigate the residual stress in the weld metal [12–20]. Low alloy Cr-Mo steel is known to
have a high risk of reheat cracking [21–23], which is typically due to the intergranular cracks developing
in the weld metal or heat-affected zone (HAZ) during PWHT or high-temperature service [18,19].
Reheat cracking is also known as stress-relaxation cracking because the cracks develop during the
process of relieving the residual stresses [24]. The reheat cracking phenomenon in low-alloy Cr-Mo
steels occurs when the plastic deformation when stress relaxation, rather than being strengthened
transgranular, is concentrated along the weakened grain boundary [22–24]. The transgranular
strengthening can be attributed to precipitation strengthening by fine and uniformly distributed
precipitates [18–20]. The grain boundary is weakened due to the formations of a depleted zone [15–17]
and coarse precipitates [18–20] and due to the segregation of tramp elements [22–27].

T23 is also reported to be susceptible to reheat cracking because the transgranular is strengthened
and the grain boundary is weakened. The transgranular strengthening of T23 is attributed to the
homogeneous transgranular precipitation of a fine metal carbide containing the alloying elements V
and Nb [15–17]. The grain boundary weakening is attributed to the precipitation of an incoherent
intergranular carbide M3C at the boundaries [8,9], the grain boundary segregation of the Al and P
elements [15,16], and the Cr- and W-depleted zones formed by the M3C and M23C6 carbides of Fe, Cr,
and W in the grain boundaries [16,17]. Therefore, it can be observed that the reheat crack of SA213-T23
is closely related to the nature of the precipitate.

Studies to identify the causes of the reheat cracks in T23 have been based only on an analysis
of the microstructure of the coarse-grained HAZ (CGHAZ) after PWHT. However, it is necessary to
analyze the microstructural features of CGHAZ before PWHT in order to understand the root cause of
crack initiation in this material. In particular, it is necessary to characterize the types and distribution
of the grain boundaries and intergranular precipitates that can cause reheat cracking, and analyze
precipitate behavior and phase transformation of the matrix during the formation of the HAZ via the
welding thermal cycle.

Therefore, in order to investigate the microstructure formation process of the HAZ in the welding
process, simulated HAZ specimens were fabricated at intervals of 100 ◦C for peak temperatures
between 950 and 1350 ◦C, and the microstructural features and precipitate behavior at various peak
temperatures were observed. The microstructures were analyzed using various etching solutions such
as nital, alkaline sodium picrate, and Murakami’s etchant and observed under an optical microscope in
order to develop a method to easily identify the behavior of the precipitates and the change in grain size.
Further verifications were performed using characterization methods such as transmission electron
microscopy (TEM), electron probe micro-analyzer (EPMA), and electron backscatter diffraction (EBSD).

2. Materials and Methods

Table 1 presents the chemical composition of the SA213-T23 (2.25Cr-1.6W) material used in this
study. Chemical composition was analyzed using an optical emission spectrometer (LAB LAVM 10,
SPECTRO Analytical Instruments GmbH, Kleve, Germany).

Table 1. Chemical composition of the T23 steel.

Material
Chemical Composition (atom %)

C Si Mn Ni Cr Mo V Nb Al Ti B W N Fe

SA213-T23 0.07 0.24 0.50 0.11 2.09 0.15 0.22 0.028 0.018 0.042 0.0017 1.66 0.0095 Bal

In actual welding, it is difficult to evaluate the microstructure characteristics because the HAZ
is a narrow region owing to various thermal cycles. Therefore, the simulated HAZ was fabricated
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by using Gleeble 3500 (Dynamic Systems Inc., New York, NY, USA) thermal cycle simulator and
the microstructure was observed. The thermal cycle of the HAZ was determined using the Sysweld
software 9.5 (ESI, Paris, France) for the simulation of welding analysis.

Figure 1 shows the thermal cycle curve of the HAZ according to the distance along the fusion
line when gas tungsten arc welding is applied to the tube material with a thickness of 6 mm with
the heat input of 16 kJ/cm. Using Gleeble 3500 thermal cycle simulator, the HAZ was simulated at
intervals of 100 ◦C from the peak temperature of 950 ◦C (temperature above the AC3 point) to the peak
temperature of 1350 ◦C (CGHAZ temperature) using the thermal cycle curve calculated using Sysweld
software. The validation of the thermal profile has been verified with a thermocouple.

Figure 1. Schematic illustration of simulated various heat-affected zone (HAZ) thermal cycle and
geometry of sample.

The microstructure of the simulated HAZ was observed by etching with nital etchant (2 mL
HNO3, 50 mL methanol) and alkaline sodium picrate etchant (2 g picric acid, 25 g NaOH, 100 mL
Boiled water). Murakami etchant (10 g K3Fe(CN)4, 10 g NaOH, 100 mL water) was used to observe
the distribution of the precipitates. Prior γ etchant (54 g NaOH, 5.4 g picric acid, 2–3 drops glycerol,
200 mL boiled water + 2 mL HNO3, 50 mL methanol) was used to observe grain size.

The phase analysis of the simulated HAZ at various peak temperatures was performed using
an electron probe micro-analyzer (EPMA) (JXA-8530F, JEOL, Tokyo, Japan) and electron backscatter
diffraction (EBSD) (SUPRA40VP, Carl Zeiss, Oberkochen, Germany), and the equilibrium diagram
was constructed using Thermo-Calc TCF.6 software to analyze the experimental results. For
the precipitation analysis, precipitates were extracted via the carbon replica method, and image
observation, energy-dispersive X-ray spectroscopy (EDS), and diffraction pattern analysis were
performed using a field-emission transmission electron microscope (FE-TEM) (TALOS F200X, FEI,
Hillsboro, OR, USA). Using the image analysis program Image-Pro Plus (Ver.4.5.0.29, MEDIA
CYBERNETICS, Rockville, MD, USA), the precipitate size distribution at various peak temperatures
was measured using Murakami-etched optical microscope photographs.

3. Results

3.1. Microstructure Evolution of the Base Metal

Figure 2 shows the microstructure of the base metal (2.25Cr-1.6W steel) using various etching
methods. Figure 2a,d show the optical and scanning electron microscope (SEM) microstructures
obtained using nital etching. Figure 2b,e show the optical and SEM microstructures obtained using
alkaline sodium picrate etching. Figure 2c shows the optical microstructure obtained using Murakami
etchant. In order to compare the differences between nital and alkaline sodium picrate etching, the
microstructure was observed after nital etching, and it was subsequently finely polished. Afterward,
alkaline sodium picrate etching was performed to observe the same position as that observed in nital
etching, and the differences in the microstructures owing to etching were compared. The nital-etched
microstructure in Figure 2a,d shows grain boundaries appearing as prior austenite grain boundaries,
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and precipitates in the prior austenite grain boundaries and fine precipitates in transgranular are
observed. In the alkaline-sodium-picrate-etched microstructure in Figure 2b,e, the grain boundaries
appear as austenite grain boundaries as in the case of nital etching. The precipitates are visible in the
prior austenite grain boundaries, but the precipitates in transgranular are not visible. However, the
matrix is observed to be monochromatic in nital etching in Figure 2a, whereas the matrix is observed to
be in two colors—ivory and brown—in alkaline sodium picrate etching in Figure 2b. In alkaline sodium
picrate, the average hardness of the ivory color phase was 207.4 Hv0.01 and the average hardness of the
brown color phase was 191.7 Hv0.01. The base material of the 2.25Cr-1.6W steel (SA213-T23) is generally
known to consist of tempered martensite, bainite, and M23C6 carbide in the grain boundary [28–30].
Therefore, the ivory color phase of relatively high hardness is considered tempered martensite, and
the brown color phase of relatively low hardness is considered bainite. In the case of nital etching, the
optical microstructure in Figure 2a exhibits a monochromatic color, whereas the SEM microstructure
in Figure 2d exhibits a height difference between the two colored parts in Figure 2b. This is because
tempered martensite has a higher hardness than bainite, so bainite is reduced more during polishing.
Thus, it is considered that the bainite part was reduced more than the tempered martensite part in nital
etching. Murakami etching illustrated in Figure 2e is an etching technique for carbide etching, and it is
possible to observe the distribution of precipitates in the optical microscope before SEM observation.
Thus, the appearance of the precipitates in the grain boundaries and the transgranular can be observed.

 

Figure 2. Optical and SEM microstructure of the base metal. (a,d) nital etchant, (b,e) alkaline sodium
picrate etchant, and (c) Murakami etchant. (d,e) SEM micrograph at the region denoted as X, Y in (a,b).

Figure 3 shows the result of composition analysis using EPMA for the phase analysis of the base
metal. The precipitates where the alloying elements of C, W, and Cr are concentrated in a point shape
according to the prior austenite grain boundary can be observed.

The results of TEM analysis of the precipitates using carbon replica method are shown in
Figure 4 to analyze the precipitate in the transgranular and grain boundary. In the TEM photographs,
Figure 4a,b, a coarse precipitate of rectangular or rhombic shape is observed at the prior austenite grain
boundary, and fine precipitates are observed in the transgranular. From the pattern analysis, it can be
concluded that the coarse precipitate of Y1 is the M23C6 carbide of [011] FCC, and the circular fine
precipitate within the grain of Y2 is the MC carbide of [001] FCC. From the EPMA results in Figure 3,
the M of M23C6 carbide is the Fe, Cr, and W alloy elements. As MC is approximately 50 nm or less,
it is considered that V, W, and Nb were not detected in the EPMA analysis.
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Figure 3. Electron probe micro-analyzer (EPMA) mapping results showing the distribution of elements
in the base metal.

Figure 4. (a) TEM micrograph of the base metal at the region denoted as X1. (b) An enlarged portion of
(a). (c,d) Diffraction patterns at the regions denoted as Y1 and Y2.

3.2. Microstructure Evolution of the Simulated HAZ at Various Peak Temperatures

Figure 5 shows the optical microstructure of the HAZ at various peak temperatures (950–1350 ◦C)
using nital, alkaline sodium picrate, Murakami, and prior γ etching. Similar to Figure 2, the observation
positions of the microstructure with nital and alkaline etching were observed again. First, a change in
microstructure was observed with nital etching as the peak temperature increased. It can be observed
that, as the peak temperature increased from 950 to 1350 ◦C, the former austenite grain size (marked
with an arrow) gradually increased. Grain size increase was clearly observed in the prior-γ-etched
microstructure. Further, as the peak temperature increased from 1150 to 1350 ◦C, a lath shape in the
matrix was observed. The microstructure in the case of alkaline sodium picrate etching shows that,
as the temperature increased from 950 to 1350 ◦C, the prior austenite grain size gradually increased,
similar to nital etching. Notably, a black dot or band (marked with an arrow) other than the prior
austenite grain boundary was observed. As the temperature increased from 950 to 1350 ◦C, it became
thicker and changed from a black dotted line to a black band. This phenomenon was observed only
in alkaline sodium picrate etching, but not nital etching. With Murakami etching, it was observed
that, as the peak temperature increased, the point-shaped precipitates in the prior austenite grain
boundary decreased. Precipitates were observed up to 1150 ◦C, but hardly observed at temperatures
above 1250 ◦C. Figure 2 shows that the grain boundary precipitates appearing in Murakami etching
were M23C6. The reason for the disappearance of the M23C6 carbide with the increase in temperature
from 950 to 1350 ◦C appears to be related to the dissolution of precipitates.
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Figure 5. Optical microstructure with various etchants (nital, alkaline sodium picrate, Murakami, and
prior γ) and various peak temperatures.

Figure 6 shows the SEM photograph of nital etching and alkaline sodium picrate etching at
various peak temperatures (950–1350 ◦C). The observed position was the same as in Figure 5, and
the black band that appeared in alkaline sodium picrate etching was mainly examined. The SEM
photographs (marked with an arrow) of nital etching at the peak temperature of 950 ◦C exhibited
white spherical precipitates. Precipitates were not observed in the prior austenite grain boundary,
and the precipitates were present in a lined form in the transgranular. The precipitate size increased
at the peak temperature of 1050 ◦C, but precipitates gradually dimmed at the peak temperature of
1150 ◦C and disappeared above the peak temperature of 1250 ◦C. The SEM photographs (marked
with an arrow) of alkaline sodium picrate etching at the peak temperature of 950 ◦C exhibited white
spherical precipitates and holes around the precipitates. At the peak temperature of 1050 ◦C, the hole
size became larger and the precipitate size at the center of the hole became smaller. At the peak
temperature of 1150 ◦C, the precipitate disappeared and only a hole was observed. Further, at the peak
temperature of 1250 ◦C, a black band region did not appear in the SEM photograph as in the case of
nital etching. In alkaline sodium picrate etching at 1350 ◦C, a black band was apparent in the optical
microstructure, shown in Figure 5, but black bands are not easily observed in the SEM microstructure
in Figure 6. These results indicate that the precipitate was dissolved and the black band appeared in
the region where the precipitate was present. The black band was observed only in alkaline sodium
picrate etching, but not in nital and Murakami etching.

Figure 7 shows the result of EPMA composition mapping to observe the changes of the phase
composition at various peak temperatures. The black dot (band) was the region where C, W, and Cr
elements were concentrated. As the peak temperature increased, the C, W, and Cr elements gradually
diffused. It can be observed that the alloy composition was similar to M23C6, which is the intergranular
precipitate of the base material (Figure 3). This is because the M23C6 precipitates composed of C,
W, and Cr elements dissolved in the matrix as the peak temperature increased, but the C, W, and
Cr elements did not dissolve completely in the matrix owing to insufficient dissolution time of the
welding heat cycle conditions. W and Cr are considered to be partially dissolved.
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Figure 6. SEM microstructure with various etchants (nital, alkaline sodium picrate) and various
peak temperatures.

Figure 7. EPMA mapping results showing distribution of element at various peak temperatures.

In order to analyze the phase identification of the partially dissolved black dot or band, EBSD
analysis was conducted at each peak temperature, and the results are shown in Figure 8. Alkaline
etching was performed on the EBSD specimens to observe the same position as that corresponding to
the EBSD results.

In the EBSD phase map at the peak temperature of 950 ◦C, a black dot region existed as M23C6 and
gamma or as iron. M23C6 and gamma existed alone or together. In the EBSD phase map, iron (gamma)
is an austenite, and iron (alpha) of the matrix could be ferrite (BCC), bainite (BCC), or martensite (BCT),
but it is considered to be bainite or martensite based on the CCT diagram of T23 and hardness (270 Hv).
Therefore, based on the SEM photographs (the alkaline-sodium-picrate-etched microstructure) at the
peak temperature of 950 ◦C (Figure 6), the precipitate was M23C6, and the hole around the M23C6 or
the lone hole was austenite or martensite. Similarly, at the peak temperature of 1050 ◦C, M23C6 and
iron (gamma) were present alone or together in the black dot region, or iron (alpha) existed. However,
compared to the peak temperature of 950 ◦C, the amount of M23C6 decreased and that of iron (gamma)
increased. At the peak temperature of 1150 ◦C, the amount of M23C6 and austenite decreased in the
black dot region. At the peak temperatures of 1250 and 1350 ◦C, the black band region was almost
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iron (alpha) without M23C6 and gamma. The black dots had different directions in the inverse pole
figure. It can be observed that a microstructure of lath shape appeared beyond the peak temperature
of 1150 ◦C.

 

Figure 8. EBSD results at various peak temperatures.

In the EBSD analysis, austenite appeared at the peak temperature of 950 ◦C, and the amount
increased at the peak temperature of 1050 ◦C and thereafter decreased as the peak temperature
increased. M23C6 decreased with the increase in peak temperature. At the peak temperatures of 950,
1050, and 1150 ◦C, M23C6 and iron (gamma) were present alone or together in the black dot region,
or iron (alpha) existed. However, at the peak temperatures of 1250 and 1350 ◦C, the black band was
almost iron (alpha) without either of them.

Figure 9 shows the result of TEM analysis of a thin film at the peak temperatures of 1050 ◦C
in order to analyze the microstructure of the phase identification of austenite and M23C6 in EBSD.
Rectangular precipitates can be observed in the BF image of Figure 9a, and an elliptical phase can be
observed around the rectangular precipitate. This is similar to the shape of the precipitate and the hole
around the precipitate in the SEM photograph (alkaline-sodium-picrate-etched microstructure) at the
peak temperature of 950 ◦C of Figure 6. In order to analyze the phase of the rectangular precipitate
and elliptical phase, the diffraction pattern of the X1 region was analyzed. In the diffraction pattern
analysis, the precipitate was M23C6 and the phase around the precipitate was austenite. The diffraction
pattern analysis of the X2 region in the matrix exhibited the BCC structure. As the lath shape was
not observed, the matrix was regarded as plate-like bainite. In the EDS line analysis of the Y1 region
in Figure 9d, Cr, C, and W were concentrated in M23C6 as shown in the EPMA analysis, and these
elements gradually decreased from M23C6 to austenite and the matrix. It is believed that the M23C6
alloying elements such as C, W, and Cr were diffused as M23C6 dissolved in the matrix.

Figure 9. (a) TEM micrograph and (b) schematic illustration of 1050 ◦C. (c,d) Diffraction patterns at the
regions denoted as X1 and X2. (e) EDX line-scan result of Y1 across particle.

190



Metals 2018, 8, 170

4. Discussion

4.1. Correlation between Peak Temperature and Grain Size

Figure 5 shows that the precipitation gradually decreased and the prior austenite grain size
increased with the increase in peak temperature (950–1350 ◦C). In the results of Figures 2–8, the M23C6
precipitates of base metal were observed to dissolve with the increase in peak temperature. In order to
investigate the dissolution of M23C6 as the peak temperature increased, the equilibrium diagram of
the phase volume fraction was calculated using Thermo-Calc TCF.6 software (Thermo-Calc Software,
Stockholm, Sweden). Figure 10 shows the result of Thermo-Calc TCF.6 calculation for T23 steel using
an Fe-based alloy database. The phases shown in Figure 10a are austenite and ferrite phases, and
the precipitates are M6C, M23C6, MC (V-W rich), and MC (Nb rich) phases. T23 (2.25Cr-1.6W) is
a steel with excellent hardenability. It transforms into bainite (BCC) or martensite (BCT) without
transformation into ferrite (BCC) when cooling in the austenite region [8]. The M6C precipitate is a
high-temperature stable phase and is not formed during tempering at the time of fabrication. It is
known that M23C6 phase transforms into the M6C phase during the long-term operation (400–600 ◦C)
of a power plant [31].

Figure 10. Phase diagram of the SA213-T23 (2.25Cr-1.6W) material calculated using Thermo-calc TCF.6:
(a) with the precipitation of M6C carbide and (b) without the precipitation of M6C carbide.

Therefore, an equilibrium diagram without the M6C phase was constructed, and the result is
shown in Figure 10b. In Figure 10b, it can be observed that M23C6 was a stable region at a temperature
lower than 800 ◦C. The behavior of M23C6 in the thermal cycle at the peak temperature of 950 ◦C was
predicted, and when heated above 800 ◦C, the M23C6 phase transformed into an austenite matrix.
It can also be deduced that, when cooled from 950 to 800 ◦C, it was dissolved in the austenite matrix.
The reason for the presence of carbide at the peak temperature of 950 ◦C is that the coarse carbides
(particle size: 0.91 μm) among the precipitates present in the base metal were partially dissolved
because they did not have sufficient time for full dissolution at the peak temperature of 950 ◦C.

As the peak temperature increased from 950 to 1350 ◦C, the M23C6 dissolution accelerated
because the holding time was longer than that above 800 ◦C and the diffusion of carbon increased
with temperature. Therefore, precipitation decreased as the peak temperature increased from 950 to
1350 ◦C.

According to Zener’s theory of the relationship between precipitate and grain growth, the grain
boundary migration is suppressed when the precipitate is coarse particle, high volume fraction,
and uniform distribution [32–34]. In order to investigate the correlation among size, fraction, and
distribution of the precipitates and grain size, the precipitate size was measured quantitatively with the
increase in peak temperature using a Murakami etching photograph. Figure 11 shows the distribution
of precipitate size according to the increase in peak temperature (950–1350 ◦C). In the size distribution
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of carbide particles shown in Figure 11, as the peak temperature increased, the amount of precipitate
decreased and the particle size became finer. Therefore, the grain size increased with the increase in
peak temperature because the driving force of the grain boundary migration was increased as the peak
temperature increased, and the pinning effect was reduced owing to the dissolution of the precipitates,
which interfered with the grain boundary migration.

Figure 11. Carbides particles size distribution: the base metal and at 950, 1050, 1150, 1250, and 1350 ◦C.

4.2. Correlation between Carbide Dissolution and Austenite Formation

In order to investigate the reason for the appearance of the black dot or band region as austenite
(FCC) at the peak temperature of 1050 ◦C but as a matrix (BCC) at the peak temperature of 1350 ◦C,
the following analysis was performed.

Figure 12 shows the result of EPMA line analysis by enlarging the black dot or band regions at
the peak temperatures of 1050 and 1350 ◦C. In the preceding analysis, the alloying elements of the
black dot at 1050 ◦C identified as austenite were as follows: C: 0.6–1.0%; W: 3–4%; Cr: 7–12%. Further,
the alloying elements of the black band at 1350 ◦C identified as BCC were as follows: C: 0.2–0.3%;
W: 2–3%; Cr: 2–3%. It can be observed that the black dot region at the peak temperature of 1050 ◦C
had a higher alloying element of C, W, and Cr than the black band region at the peak temperature of
1350 ◦C. This is because, as illustrated in Figure 10, the dissolution of M23C6 was further accelerated
and the diffusion of the alloying elements was higher at 1050 ◦C than at 1350 ◦C.

Figure 12. EPMA line results showing distribution of elements at (a) 1050 ◦C and (b) 1350 ◦C.
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The stabilization region of the phase depending on the alloy composition is shown in Figure 13 in
the Schaeffler diagram modified according to H. Schneider [35]. In the Schaeffler diagram modified
according to H. Schneider, the alloy component (C: 0.6–1.0%; W: 3–4%; Cr: 7–12%) of the black dot
at the peak temperature of 1050 ◦C was either the austenite or the austenite + martensite region.
Moreover, the alloy component (C: 0.12–0.29%; Cr: 2.3–3.2%; W: 1.8–2.9%) of the black band at the
peak temperature of 1350 ◦C was the martensite region.

Figure 13. Schaeffler diagram modified according to H. Schneider.

Therefore, austenite appeared in the black dot region at the peak temperature of 1050 ◦C because
the concentration of C, W, and Cr was high owing to the low diffusion of the M23C6 alloying element.
However, the black band region at the peak temperature of 1350 ◦C had a lower concentration of C, W,
and Cr than the black dot region at the peak temperature of 1050 ◦C owing to the high diffusion of
the M23C6 alloying element in the former as compared to the latter. Consequently, the black band at
the peak temperature of 1350 ◦C had a greater concentration of C, W, and Cr compared to the matrix,
but C, W, and Cr were not sufficiently concentrated for austenite to appear.

The reason for the decrease of M23C6 and the formation of austenite and its subsequent decrease
with the increase in the peak temperature is shown in Figure 14 with a schematic diagram. The
alloying elements of M23C6 were C, W, and Cr, and the dissolution of M23C6 increased as the peak
temperature increased. In the equilibrium diagram, M23C6 should be completely dissolved at over
800 ◦C, but it was almost dissolved in the peak temperature range of 1250–1350 ◦C by the thermal
cycle of rapid heating and quenching. Subsequently, the C, W, and Cr alloying elements of M23C6
did not completely diffuse to the matrix and created concentrated regions. As the peak temperature
increased, the diffusion of C, W, and Cr increased and the concentration of C, W, and Cr decreased.
Therefore, when the concentrations of C, W, and Cr were high, austenite was stable. However, as the
peak temperature increased, the alloying component region where the austenite was stable moved to
the alloy component region where the martensite was stable.

 

Figure 14. Schematic illustration of carbide and austenite behavior.
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5. Conclusions

The microstructural features and precipitate behaviors of CGHAZ (before PWHT) in SA213-T23
(2.25Cr-1.6W) material were analyzed. The findings are summarized as follows:

(1) When the base metal of T23 was etched with alkaline sodium picrate, the ivory color obtained
could be identified as tempered martensite and the brown color obtained was identified as bainite.
In the case of Murakami etching, carbide was observed, and the grain boundary precipitate was
M23C6 and the transgranular precipitate was MC.

(2) In order to investigate the microstructure formation process of CGHAZ, the microstructure of the
simulated HAZ at various peak temperatures (950–1350 ◦C) was observed by etching separately
with alkaline sodium picrate and nital. Alkaline-sodium-picrate-etched microstructures exhibited
a black dot or band, which was not observed in the nital-etched microstructure. The black dot
or band had a transgranular distribution, regardless of the nature of the prior austenite grain
boundary. As the temperature increased from 950 to 1350 ◦C, the black dot became wider and
thicker and turned into black bands.

(3) Rectangular M23C6 precipitate was present at the center of the black dot with the size of a few
micrometers at the peak temperatures of 950 and 1050 ◦C, and austenite was present around
the precipitates. As the peak temperature increased (1150–1350 ◦C), the M23C6 and austenite
decreased, and the martensite phase, which is the same as the matrix, increased in the black
band region.

(4) In the EPMA analysis, the M23C6 (C-, W-, and Cr-rich phases) precipitate of the prior austenite
grain boundary in the base metal gradually dissolved with the increase in peak temperature
(950–1350 ◦C). Therefore, it was observed that C, W, and Cr, which are the main alloying elements
of M23C6, gradually diffused into the matrix. Therefore, the M23C6 with a size less than 1 μm
in the base metal changed to a black dot that was coarser than the M23C6 in the base material
when the peak temperature increased to 950 and 1050 ◦C. As the peak temperature increased
from 1050 to 1350 ◦C, the M23C6 carbide changed into a thick black band because M23C6 (C, W-,
and Cr-rich phases) gradually dissolved and diffused into the matrix. According to the amount
of M23C6 diffusion, the Schaeffler diagram showed that the alloying component of the black dot
(C: 0.6–1.0%; W: 3–4%; Cr: 7–12%) at the peak temperature of 1050 ◦C was the austenite region
and that the alloy component of the black band (C: 0.2–0.3%; W: 2–3%; Cr: 2–3%) at the peak
temperature of 1350 ◦C was the martensite region.

(5) In the calculation using Thermo-Calc, the M23C6 carbide (C-, W-, and Cr-rich phases) was stable
at 800 ◦C or less. M23C6 dissolved above 800 ◦C, and the size and volume fraction of the M23C6
carbide decreased rapidly as the peak temperature increased (950–1350 ◦C). Therefore, it was
concluded that the austenite grain size increased because the precipitates that interfered with
grain boundary migration decreased.

As a preliminary study of reheat cracking, the main purpose of this study is to show that C, W,
and Cr segregations exist in the CGHAZ due to the carbide of the base metal. The segregation zone of
CGHAZ was found to precipitate M7C3 and M23C6 during PWHT, which confirmed that it affected
reheat cracking. Therefore, while this first paper investigates the mechanism by which segregation
is generated in the CGHAZ, a second paper will present the effect of segregation of the CGHAZ on
reheat cracking.
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Abstract: The clad ternary 40Ti-35Ni-25Nb (wt %) foil has been applied in brazing commercially
pure titanium (CP-Ti). The wavelength dispersive spectroscope (WDS) was utilized for quantitative
chemical analyses of various phases/structures, and electron back scattered diffraction (EBSD) was
used for crystallographic analyses in the brazed joint. The microstructure of brazed joint relies
on the Nb and Ni distributions across the joint. For the β-Ti alloyed with high Nb and low Ni
contents, the brazed zone (BZ), consisting of the stabilized β-Ti at room temperature. In contrast,
eutectoid decomposition of the β-Ti into Ti2Ni and α-Ti is widely observed in the transition zone
(TZ) of the joint. Although average shear strengths of joints brazed at different temperatures are
approximately the same level, their standard deviations decreased with increasing the brazing
temperature. The presence of inherent brittle Ti2Ni intermetallics results in higher standard deviation
in shear test. Because the Ni content is lowered in TZ at a higher brazing temperature, the amount of
eutectoid is decreased in TZ. The fracture location is changed from TZ into BZ mixed with α and β-Ti.

Keywords: vacuum brazing; titanium; eutectoid; clad filler foil; microstructure

1. Introduction

Titanium (Ti) and its alloys are characterized with high specific strength, good corrosion resistance,
and excellent biocompatibility [1]. They are currently applied in aerospace, petroleum, and bio
industries [2]. For instance, pure Ti has received great attention in medical applications. Improvement
of its mechanical properties by selective laser melting has been performed in order to enhance the
biomechanical compatibility of Ti implants [3]. High-strength and ductile β-Ti was successfully
proposed for structural application [4]. Selective laser melting was applied to manufacture the fully
dense Ti/TiB composite for medical application [5]. The importance of Ti and its alloys are increasing
in recent years.

Commercially pure titanium (CP-Ti) is unalloyed in purity from 99.0 to 99.5 in wt % [2,6]. There
are four grades of CP-Ti according to the contents of impurities, such as iron and interstitial elements,
hydrogen, carbon, nitrogen, and oxygen. Increasing the amount of impurities in CP-Ti results in
increasing its strength, but its ductility is deteriorated [2,7]. Grade 2 CP-Ti is widely used due to its
comprised strength and ductility.

Brazing of Ti and its alloys can be an important issue in application of such materials [8]. Most
titanium alloys can be successfully brazed by Ti-(Zr)-Cu-Ni braze alloys [8–10]. Traditional Ti-based
brazing fillers are alloyed with Cu and Ni as the melting point depressants, and they are featured
with moderate brazing temperature and excellent bonding strength. However, the introduction of
Cu into the braze alloy results in great concern, since the Cu is considered as a toxic ingredient for
most bio applications [11]. The Nb metal is considered as a non-toxic element, and it shows good
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biocompatibility [12]. Although the Nb has a high melting point of 2469 ◦C, the melting temperature
of Ti-based braze alloy is slightly increased for Nb addition below 15 at % [13]. Therefore, the Cu in
Ti-Cu-Ni braze alloy can be replaced by Nb in the Ti-Ni-Nb braze alloy for biomedical application.
The clad 40Ti-35Ni-25Nb (wt %) foil is a promising filler metal in brazing many titanium alloys. Based
on the related binary alloy phase diagrams, the β-Ti is soluble with Nb, and the Ni addition into the
Ti-based braze alloy is served as a melting point depressant [13]. However, the Ni content in the braze
alloy is prone to react with the Ti-based substrate, and forms brittle intermetallics to deteriorate the
bonding strength of the brazed joint [14,15].

Traditional analysis tools, such as scanning/transmission electron microscope (SEM/TEM),
electron probe microanalyzer (EPMA) and high-power X-ray diffractometer (XRD), are not satisfactory
in analysis of a brazed joint involved with phase transformation. XRD structural analysis is not suitable
for miniature phase and/or structure identification of the brazed joint. On the other hand, SEM/EPMA
observations present quantitative chemical compositions of the specific phase(s), but lack structural
data to identify them. For example, the transformation between α and β phases in the titanium alloy
could not be accurately identified from SEM/EPMA analyses. On the other hand, the width of a brazed
joint is usually below 100 μm, so slicing different brazed zones in order to make TEM examination are
quite difficult. The electron backscatter diffraction (EBSD) technique has made a great achievement in
recent years. The combination of morphology, element mapping, and crystallographic data makes it
possible to analyze such a brazed joint undergoing phase transformation [16,17]. The purpose of this
research is to perform phase identifications of 40Ti-35Ni-25Nb brazed CP-Ti joints using EPMA/WDS
and SEM/EBSD. Microstructural evolution and shear strengths of vacuum brazed joints are also
evaluated in this study.

2. Materials and Experimental Procedures

CP-Ti templates with the dimension of 15 mm × 7 mm × 4.2 mm were used in the experiment.
Brazing surfaces were ground by SiC papers up to grit 800 and subsequently ultrasonically cleaned
in ethanol solution prior to vacuum brazing. The clad 40Ti-35Ni-25Nb (wt %) foil was used as the
brazing filler metal with a thickness of 50 μm. Vacuum brazing of CP-Ti substrate was performed
with a heating rate of 0.33 ◦C/s under a vacuum of 5 × 10−3 Pa, and brazed at 1000, 1100, 1200 ◦C for
600 s, respectively. All of the vacuum brazed specimens were preheated at 900 ◦C for 1800 s in order to
achieve temperature equilibrium of brazed joints.

The brazed joint was cut by a low-speed diamond saw and experienced a standard metallographic
procedure before inspection. A JEOL 8600SX electron probe microanalyzer (EPMA, JEOL Ltd.,
Tokyo, Japan) equipped with the wavelength dispersive spectroscope (WDS) was utilized for
quantitative chemical analyses of various phases/structures in the brazed joint. Its operation voltage
was 15 kV, and the minimum spot size was 1 μm. An FEI Quanta 650 field emission scanning electron
microscope (FESEM, FEI Corp., Hillsboro, OR, USA) equipped with the Oxford Nordlys Max 3 electron
back scattered diffraction (EBSD) was used for crystallographic analyses in order to identify various
phases/structures in the brazed joint. Its operation voltage was set at 20 or 25 kV. For the specimen
that was prepared for EBSD analysis was ground by SiC paper, polished by colloidal silica, and finally
modified by using a Fischione SEM Mill 1060 (E.A. Fischione Instruments, Inc., Export, PA, USA).

Bonding strengths of brazed joints were evaluated by shear tests, and tests were carried out
on three specimens for each brazing condition. Symmetrical double lap joints, CP-Ti/40Ti-35Ni-
25Nb/CP-Ti, were applied in shear tests [14,18]. Figure 1 displayed the schematic diagram of shear
test specimen, and the shear test specimen was enclosed in a graphite fixture [18]. Two bold black lines,
3.5-mm wide, in the middle of the graph indicated the brazing filler foil. Shear tests were conducted
using a Shimadzu AG-10 universal testing machine (Shimadzu Corp., Kyoto, Japan) with a constant
crosshead speed of 0.0167 mm/s. Cross-sections of joints after brazing were cut with a low-speed
diamond saw. Failure analysis of the joint after shear test was examined by a JEOL JSM 6510 scanning
electron microscope (SEM, JEOL Ltd., Tokyo, Japan), with the operation voltage of 15 kV.
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Figure 1. Schematic diagram of the shear test specimen [18].

3. Results and Discussion

Figure 2 displays the microstructural evolution of CP-Ti/Ti-35Ni-25Nb/CP-Ti joints at different
brazing temperatures. Microstructures of central brazed zones (BZs) at 1000 and 1100 ◦C are similar.
Increasing the brazing temperature causes an increase in the width of BZ. The microstructure of BZ
at 1200 ◦C is different from those brazed at 1000 and 1100 ◦C. BZ at 1200 ◦C contains two separated
acicular phases. The microstructure of CP-Ti substrate is not included in Figure 2, and there is no
acicular α-Ti in CP-Ti substrate after brazing. At least two phases with acicular feature are observed in
the transition zone (TZ) between the BZ and the CP-Ti substrate. One is white and the other is black in
the backscattered electron images (BEIs) of Figure 2. The acicular shape of α-Ti in the TZ is originated
from the transformation of β-Ti upon cooling cycle of brazing. It is deduced that the white phase
contains high atomic number element, such as Nb, in BEIs, and will be discussed later.

 
(a) (b) (c) 

Figure 2. Electron probe microanalyzer (EPMA) backscattered electron images (BEIs) of CP-Ti/40Ti-
35Ni-25Nb/CP-Ti joints brazed at (a) 1000, (b) 1100 and (c), 1200 ◦C for 600 s.

Figure 3 shows the EPMA BEIs of the joint brazed at 1000 ◦C for 600 s, and WDS chemical
analysis results are displayed in Table 1. The brazed joint contains several distinct phases and structure.
According to the EPMA chemical analysis, the white phase in the BZ is β-Ti, as marked by A in
Figure 3a. The acicular white phase in TZ is identified as retained β-Ti as marked by B in Figure 3b.
Both A and B have similar chemical composition but different morphologies. The black acicular
phase in TZ is α-Ti alloyed with minor Nb and Ni, as marked by D in the figure. It is noted that
a eutectoid of Ti2Ni and α-Ti is observed in the TZ next to CP-Ti substrate, as marked by E in Figure 3b.
Microstructures of TZ is changed from retained β-Ti plus acicular α-Ti close to the BZ into eutectoid
plus acicular α-Ti next to CP-Ti substrate.
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(a) (b)

Figure 3. EPMA BEIs of CP-Ti/40Ti-35Ni-25Nb/CP-Ti joint brazed at 1000 ◦C for 600 s: (a) cross section
overview, (b) higher magnification of location I in (a).

Table 1. EPMA quantitative chemical analysis results in Figure 3.

at % A B C D E

Nb 10.0 8.4 0.9 1.7 0.3
Ni 4.3 4.3 29.0 0.1 8.5
Ti 85.7 87.3 70.1 98.2 91.2

Phase β-Ti retained β-Ti Ti2Ni α-Ti eutectoid

Figure 4 shows SEM/EBSD crystallographic analysis of the TZ between the BZ and CP-Ti substrate
brazed at 1000 ◦C for 600 s. According to Figure 4b, there are mixtures of retained β-Ti and Ti2Ni along
lath boundaries of acicular α-Ti. It is worth mentioning that retained β-Ti and Ti2Ni have similar color
in BEIs (Figures 3b and 4a). They can be easily distinguished by SEM/EBSD crystallographic analysis.
According to Figure 4, the TZ comprises of Ti2Ni/α-Ti eutectoid, retained β-Ti, and Ti2Ni along lath
boundaries of acicular α-Ti matrix. Because Nb-Ni-Ti ternary alloy phase diagram in the Ti-rich corner
is still not available, related binary alloy phase diagrams are cited in order to unveil microstructures of
brazed joints [13,19].

 
(a) (b)

Figure 4. Scanning electron microscope (SEM)/electron back scattered diffraction (EBSD) analysis
results of the transition zone (TZ) between the brazed zone (BZ) and CP-Ti substrate brazed at 1000 ◦C
for 600 s: (a) SEM/BEI, (b) EBSD map of location II in (a).

According to binary alloy phase diagrams of Ti-Nb and Ti-Ni, the Ni could combine with Ti to
form Ti2Ni, but it did not react with Nb in the experiment [13]. The α-Ti dissolves Nb up to 2.5 at
%, and the Nb can be completely dissolved into β-Ti, i.e., (β-Ti, Nb). The chemical composition of
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40Ti-35Ni-25Nb filler foil in at % is 49.1 Ti, 35.1 Ni, and 15.8 Nb. The melting point of Ti2Ni is 984 ◦C,
so it is formed upon cooling cycle of brazing if the brazing temperature exceeds 1000 ◦C. Increasing the
brazing temperature enhances both dissolution of the CP-Ti substrate into the braze melt and diffusion
of Nb and Ni from the braze melt into CP-Ti substrate. The Ni is depleted from BZ and dissolved into
the β-Ti up to 10 at % during brazing [13]. Consequently, the coarse solidified Ti2Ni is absent from
the joint brazed above 1000 ◦C. The β-Ti is stabilized by alloying of Nb. If the content of Nb is high
enough to stabilize the β-Ti, retained β-Ti is obtained after brazing. In contrast, if the β-Ti alloyed
with high Ni concentration does not consist of enough Nb content, then the β-Ti will decompose into
fine eutectoid of α-Ti and Ti2Ni, as demonstrated by label E in Figure 3b and E1 in Figure 4a. Phase
diagrams show strong support with experimental observations.

Figure 5 displays EPMA BEIs of CP-Ti/40Ti-35Ni-25Nb/CP-Ti joint brazed at 1100 ◦C for 600 s. EPMA
quantitative chemical analysis results of Figure 5 are listed in Table 2. In BZ, theβ-Ti alloyed with 11.5 Nb and
1.8 Ni in at % as marked by F in Figure 5b. High Nb concentration stabilizes the β-Ti to room temperature.
The TZ close to BZ primarily comprises of retained β-Ti marked by G in Figure 5b. The acicular α-Ti marked
by I in Figure 5b is alloyed with low Nb and Ni concentrations. In contrast, the retained β-Ti is stabilized by
much higher Nb and Ni concentrations, as marked by G in Figure 5b.

 
(a) (b) (c) 

Figure 5. EPMA BEIs of CP-Ti/40Ti-35Ni-25Nb/CP-Ti joint brazed at 1100 ◦C for 600 s: (a) cross section
overview, (b) higher magnification of location III in (a), (c) higher magnification of location IV in (a).

Table 2. EPMA quantitative chemical analysis results in Figure 6.

at % F G H I J

Nb 11.5 8.3 0.2 1.2 0.1
Ni 1.8 5.4 15.0 0.1 9.3
Ti 86.7 86.3 84.8 98.7 90.6

Phase β-Ti retained β-Ti eutectoid α-Ti eutectoid

Although both Nb and Ni can stabilize β-Ti, they take part in different roles [2]. Nb-Ti belongs to β

isomorphous, and Ni-Ti is classified as β eutectoid. The transport mechanism of Nb and Ni from the BZ into
CP-Ti substrate primarily relies on solid-state diffusion of Nb and Ni in β-Ti during brazing. The diffusion
activation energies of Nb and Ni in β-Ti are 39.3 and 29.6 kcal/mol, respectively [20]. Therefore, Ni has
a much higher diffusivity in β-Ti than Nb. According to the binary phase diagrams of Nb-Ti and Ni-Ti,
the β-Ti can be alloyed with Ni up to 10 at %, but it cannot be stabilized to room temperature without
alloying with Nb [13]. The Ni is alloyed in the retained β-Ti with 8.3 at % Nb, as illustrated at location
G of Figure 5b. It is also noted that the eutectoid of Ti2Ni and α-Ti is found in the TZ close to the CP-Ti
substrate marked by H and J in Figure 5b,c. The chemical compositions in at % of location J are 90.6 Ti,
9.3 Ni, and 0.1 Nb. Slow diffusion of Nb in the β-Ti results in forming low Nb and high Ni contents of β-Ti,
and it decomposes into fine eutectoid of Ti2Ni and α-Ti, as shown in Figure 5c.

Figure 6 displays EPMA BEIs of CP-Ti/40Ti-35Ni-25Nb/CP-Ti joint brazed at 1200 ◦C for 600 s.
EPMA quantitative chemical analyses of Figure 6 are listed in Table 3. The microstructure of BZ at
1200 ◦C is quite different from those at 1000 and 1100 ◦C. The BZ is not a single phase anymore, and the
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β-Ti is decomposed into α-Ti and retained β-Ti alloyed with 10.5 at % Nb and 4.6 at % Ni (marked by
K) in Figure 6b. High brazing temperature, e.g., 1200 ◦C, results in depletion diffusion of Nb from the
BZ to TZ. Therefore, the β-Ti in BZ is decomposed into acicular α-Ti and is retained β-Ti via eutectoid
reaction. The microstructure of TZ contains retained β-Ti and eutectoid of Ti2Ni and α-Ti along
lath boundaries of acicular α-Ti matrix. The chemical composition of eutectoid, as marked by M in
Figure 6c is 91.3 Ti, 0.3 Nb, and 8.4 Ni in at %. The β-Ti alloyed with high Ni and low Nb concentrations
promotes eutectoid transformation into Ti2Ni and α-Ti upon the cooling cycle of brazing.

 
(a) (b) (c) 

Figure 6. EPMA BEIs of CP-Ti/40Ti-35Ni-25Nb/CP-Ti joint brazed at 1200 ◦C for 600 s: (a) cross section
overview, (b) higher magnification of location V in (a), (c) higher magnification of location VI in (a).

Table 3. EPMA quantitative chemical analysis results in Figure 6.

at % K L M

Nb 10.5 2.3 0.3
Ni 4.6 0.2 8.4
Ti 84.9 97.5 91.3

Phase retained β-Ti α-Ti eutectoid

Figure 7 shows SEM/EBSD analysis results of the joint brazed at 1200 ◦C for 600 s. According to
Figure 7a,b, the BZ consists of acicular α and β-Ti. It is consistent with the EPMA analysis results (Figure 6
and Table 3). In the TZ, the eutectoid of Ti2Ni precipitates and α-Ti is demonstrated in EBSD phase
distribution map of location VIII in Figure 7c. It agrees with the EPMA chemical results of Figure 6c and
Table 3. However, there are a few red retained β-Ti streaks in the eutectoid, as illustrated in Figure 7d.
Streak-like Ti2Ni and retained β-Ti are identified along the lath boundaries of acicular α-Ti matrix due to
insufficient Nb alloyed in the β-Ti during brazing. Consequently, the stability of β-Ti is strongly related to
its Nb content.

(a) (b)

Figure 7. Cont.
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(c) (d)

Figure 7. SEM/EBSD analysis results of the joint brazed at 1200 ◦C for 600 s: (a) BEI of the BZ, (b) EBSD
phase distribution map of location VII in (a), (c) BEI of the TZ, (d) EBSD phase distribution map of
location VIII in (c).

Figure 8 displays the average shear strengths with standard deviations of CP-Ti/Ti-35Ni-
25Nb/CP-Ti joints that are brazed at different temperatures. Both specimens brazed at 1000 and
1100 ◦C exhibit similar average shear strengths between 341 and 351 MPa. The average shear strength
is slightly increased to 402 MPa for the specimen brazed at 1200 ◦C. In previous study, average shear
strengths of dissimilar brazed high-strength Ti-6Al-4V and Ti-15-3 joints using Ti-Cu-Ni fillers are
between 282 and 545 MPa, depending on the thermal history of brazing cycles [21]. The maximum
average shear strength of brazed CP-Ti joint using 40Ti-35Ni-25Nb foil is 402 MPa and it is acceptable
in brazing CP-Ti.

341 351
402

0
50

100
150
200
250
300
350
400
450

900 1000 1100 1200 1300

A
ve

ra
ge

 S
he

ar
 S

tr
en

gt
h 

(M
Pa

)

Brazing  Temperature (C)

Figure 8. Average shear strengths of CP-Ti/40Ti-35Ni-25Nb/CP-Ti brazed joints.

Figure 9 shows BEI cross-sections and SEI fractographs of joints brazed at 1000, 1100, and 1200 ◦C
for 600 s, respectively. For specimens that were brazed at 1000 and 1100 ◦C, cracks initiate from
Ti2Ni and eutectoid of TZ, and the cracking of acicular lath causes quasi-cleavage fracture being
widely observed from SEI fractographs, as illustrated in Figure 9a,b. The fracture location changes
from eutectoid and/or Ti2Ni in TZ to α/β-Ti in BZ of the joint brazed at 1200 ◦C. Higher brazing
temperature enhances Ni depletion from BZ into CP-Ti substrate, so a wider joint is obtained. Volume
fraction of Ti2Ni in TZ is decreased due to a lower Ni concentration in TZ. The SEI fractograph reveals
isothermal solidified α/β-Ti in BZ, as illustrated in Figure 9c.
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(a) 

 
(b) 

 
(c) 

Figure 9. SEM BEI cross-sections and EPMA fractographs of joints brazed at (a) 1000, (b) 1100 and
(c) 1200 ◦C for 600 s.

Although the average shear strengths of joints brazed at different temperatures are approximately
the same level, standard deviations of average shear strengths are quite different, as illustrated in
Figure 8. The standard deviation of the joint brazed at 1000 ◦C demonstrates the highest value of
69 MPa. Increasing the brazing temperature to 1100 or 1200 ◦C results in decreasing the standard
deviation to 29 or 25 MPa, respectively. The presence of inherent brittle Ti2Ni intermetallics results in
higher standard deviation in the shear test result. It is preferred that a higher brazing temperature,
such as 1200 ◦C, contributes to decrease the amount of Ti2Ni in the joint. The reliability of the brazed
joint is improved in practical engineering application.

Heat treatment of the joint after brazing could be helpful to decrease the amount of brittle Ti2Ni
in TZ, and a tough joint could be obtained after brazing. However, the dissolution of Ti2Ni into β-Ti is
much more prominent than that into α-Ti. The temperature of heat treatment must exceed β transus
temperature of the titanium alloy due to the high solubility of Ni in the β-Ti. It is worth mentioning
that the β transus temperature of the titanium alloy is strongly related to Nb and Ni concentrations
in the Ti alloy. It had better be clarified before heat treating the brazed joint. Additionally, the β-Ti is
completely soluble with Nb, and dissolves Ni up to 10 at % [13]. The application of 40Ti-35Ni-25Nb
filler foil in brazing β-Ti alloy may obtain a joint free of the Ti-Ni intermetallic compound. It deserves
to study in the future.
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4. Conclusions

Vacuum brazing of CP-Ti using the clad 40Ti-35Ni-25Nb (wt %) filler foil was performed at 1000,
1100, and 1200 ◦C for 600 s. Microstructures of the brazed joints are strongly related to Nb and Ni
depletion from the brazed joint into CP-Ti substrate. Although both Nb and Ni stabilize β-Ti, they take
part in different actions. The Nb belongs to β isomorphous, and the Ni is categorized as β eutectoid.
The diffusion of Ni in β-Ti is much faster than that of Nb in β-Ti. The β-Ti is stabilized by alloying
Nb over 10 at % in the BZ of joints brazed at 1000 and 1100 ◦C. Increasing the brazing temperature
to 1200 ◦C results in the depletion of the Nb from BZ into CP-Ti substrate. The mixture of acicular α
and β-Ti is identified in the BZ. In TZ of the brazed joint, retained β-Ti, eutectoid of Ti2Ni/α-Ti are
formed along acicular α-Ti lath boundaries. For the β-Ti alloyed with high Ni and low Nb contents,
it decomposes into Ti2Ni/α-Ti eutectoid and/or lath boundary Ti2Ni intermetallics. Although the
average shear strengths of joints brazed at different temperatures are approximately the same level,
standard deviations of average shear strengths are quite different. The standard deviation of the joint
brazed at 1000 ◦C demonstrates the highest value of 69 MPa. Increasing the brazing temperature to
1100 or 1200 ◦C results in decreasing the standard deviation to 29 or 25 MPa, respectively. The presence
of inherent brittle Ti2Ni intermetallics results in higher standard deviation in the shear test result.
For joints brazed at 1000 and 1100 ◦C, quasi-cleavage fracture in TZ is widely observed from the
fractured surface. The fracture location is changed from eutectoid and/or Ti2Ni in TZ into α/β-Ti
in BZ of the joint brazed at 1200 ◦C. A higher brazing temperature enhances Ni depletion from BZ
into CP-Ti substrate, so a wider joint is obtained. Volume fraction of Ti2Ni in TZ is decreased due to
lower Ni concentration in TZ. The fractured surface consists of isothermal solidified α/β-Ti in BZ. It is
preferred that a higher brazing temperature, such as 1200 ◦C, contributes to a decrease the amount of
Ti2Ni in BZ and TR of the joint. The application of clad 40Ti-35Ni-25Nb filler foil demonstrates the
potential in brazing CP-Ti for industrial use.
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Abstract: In the present study, friction stir welding (FSW) of butt and scarf joints of Al 6063-T6
were investigated. Five different tool pin profiles (cylindrical, tapered cylindrical, square, triangular,
and hexagonal) were applied for performing welding. Scarf joint, being a new joint configuration,
was used and effect of pin profiles was investigated on this type of joint configuration. The effect of
pin profiles on microstructure, micro-hardness, impact and tensile properties of friction stir welded Al
6063-T6 was investigated. Scanning electron and optical microscopy were employed to characterize
the different zones of welded joints. A thorough discussion on correlation between mechanical
properties and microstructure has been made. In addition, the formation of various defects during
the FSW was discussed with the help of fractography of the fractured surfaces.

Keywords: friction stir welding; scarf joint; butt joint; tool pin profiles; mechanical properties;
microstructure; metallurgy

1. Introduction

Aluminum alloy has been widely acknowledged in fabrication of lightweight structures especially
for aviation, automobile and the entire transportation sector as it has high strength to weight ratio,
corrosion resistance and good formability. Conventionally, for joining certain classes of aluminum
alloys (e.g., age hardenable alloys), a new hot shear welding technique known as Friction Stir Welding
(FSW), proved a great success [1–3]. It is evident from the research available that flaws like porosity
and hot cracking are not found in FSW [4]. Moreover, the dendritic structure that is a characteristic
feature of the fusion weld microstructure is not present in the FSW, thus any harm to the mechanical
properties due its presence is just not possible [5]. There are a number of stages involved in the
sequential progress of FSW process that is the pre-heating, initial deformation, extrusion, forging and
metallurgical phases during heat rejection as shown in Figure 1. This process is energy efficient and
environmentally friendly too [6]. Basically, the welding process operates by governing the amount of
frictional heat generated between the rotating tool and the workpiece being welded, through a set of
process parameters like tool rotation speed, plunge depth, welding speed, etc., in such a way so as to
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thermally condition the abutting joint surfaces in the severe plastically deformed region. Schematic of
FSW process is presented in Figure 2.

Figure 1. Stages in the Friction Stir Welding (FSW) process [7].

Figure 2. Schematic of FSW process [7].

The rotating cylindrical tool used to perform FSW is comprised of a shoulder (with a specified
diameter ‘D’) and a small pin or probe (of a predefined diameter ‘d’ and length ‘l’) attached to the
shoulder. The pin or probe can have various geometries, and it is plunged into the faying surface
of the materials being welded. The size and designs of shoulder and pin (commonly referred to as
tool design) have a significant effect on heat input and material movement. The study conducted
by Vijayavel et al. [8] revealed the fluctuations in the tensile strength and hardness of the friction
stir processed material because of the variation in the shoulder diameters to pin diameter (D/d) ratio,
and this was further linked with associated microstructural changes. Similarly, the research conducted
by Khan et al. [9] stated that a D/d ratio of 2.6 gives the maximum tensile strength, whereas a D/d
ratio of 2.8 results in the minimum tensile strength and microstructures showed grain refinement in
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the zone where the material is mixed through stirring action (known as stir zone) due to dynamic
recrystallization during FSW. Therefore, the present study used the optimized D/d of 2.6 for all
the experiments. Another pin/probe dimension i.e., ‘pin length’ controls the depth of penetration.
The design of the probe is such that its length is less than the thickness of the plate and its diameter is
typically a little larger than the thickness of the plate [10]. An adequately chosen shoulder diameter
provides two important functions: (a) prevents plasticized material, being stirred, from the out of
the stir zone in the form of flash and (b) sufficient amount of frictional heat input that is necessary
for the softening of material. Apparently, a truncated cone shaped pin akin to shape of flow vortex
of the softened material is commonly used. Both the probe and shoulder generate a fair amount of
frictional heat and heat of deformation that creates almost hydrostatic condition around the surface in
contact with the probe and shoulder. Thus, under the correct conditions of heat and flow material in
the front moves from the advancing side (AS) to the retreating side (RS) and consolidates at the back to
form a sound joint. The material from the leading edge is exported towards the trailing edge where it
is forged into a joint [11]. Roughly, with every complete rotation of the tool, a sufficient amount of
energy builds up to squeeze out semi-circular shells from the base material. This is exactly how the
weld zone develops or it can be understood as an integrated effect of small extrusions [12]. Moreover,
the investigation done by Elangovan et al. [13] shows that the shell extrusion process is responsible for
grain refinement and enhancement of material properties. The enhancement of mechanical properties
is mainly affected by the changes in the microstructure of the weld region resulting from dynamic
recovery [14].

Parameters like tool geometry and joint configuration have a considerable effect on the material
flow and temperature evolution, and the same is reflected in the microstructure of joints. Furthermore,
as a result of this combination of frictional heat and mechanical intermixing of materials, typical
micro-structural zones are evolved after FSW such as (a) the stir zone (SZ), consist of fine and
re-crystallized grains, (b) the thermo mechanically affected zone (TMAZ), comprising of plastically
deformed grains, and (c) the heat affected zone (HAZ) containing grains similar to base material.
The fine grains structure of SZ was a result of severe plastic deformation caused by stirring action
of the tool. The region next to SZ is less plastically deformed and is subjected to partial dynamical
re-crystallization, and it is named TMAZ. However, no plastic deformation is seen in the HAZ
region, and it only experiences a thermal effect [9]. Figure 3 shows the friction-stir welding
micro-structural zones.

 

Figure 3. Friction stir welding micro-structural zones.

In case of age-hardenable alloys, the softening temperature is so high that it may lead to
coarsening or dissolution of the strengthening precipitate and consequently may adversely affect
the joint properties. Available literature reveals that the density, size, and distribution of the
strengthening precipitates strongly affect the mechanical properties of the friction-stir welded
precipitation-hardenable Al alloys [15–19]. Usually, during the welding thermal cycle [17,19],
the strengthening precipitates are dissolved due to the heat generation and thus mechanical properties
in the region around the weld may decrease.

Owing to various advantages over fusion welding processes, the FSW process has its own defect
such as tunneling defect, kissing bond (KB), joint line remnant, hooking defect, voids, and incomplete
root penetration. These defects form due to improper material movement and inadequate heat
generation caused by improper selection of process parameters, tool geometry and joint configuration.
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Material movement depends on several parameters including tool pin profile. These defects, if not
minimized or eliminated, may lead to the degradation of mechanical properties of the joints. Defect
formation in butt and lap joint configuration were investigated by many researchers [20–24]. Moreover,
some defects such as kissing bond and joint line remnants, are typical to FSW. The main reason for
these joints lies in the fact that, in the case of butt joint, the faying surface and the tool axis coincide.
The velocities and flow of material at and near the tool axis are negligible and contributes to these
defects. To overcome these defects, higher rpm and/or slower traverse speed are suggested. However,
these conditions also add more heat, which is detrimental to age-hardenable alloys. Thus, alternate
ways such as a change in joint configuration need to be explored so that they produce stronger joints
of age-hardenable materials can be better understood. Incidentally, most butt welds by FSW are made
in square joint configuration, which makes faying line coincidental to the tool axis. It is worthwhile
to mention that shear movement is maximum at the tool periphery and ideally zero at the tool axis.
In the case of a regular butt joint, the faying surface and the tool axis coincide and, because of deficient
shear and flow, the chances of defect such as joint line remnant and kissing bond are high. The scarf
joint has an advantage in which the abutting surface is inclined to the tool axis and can thus assist
in alleviating issues that lead to some FSW defects. To the knowledge of the authors, no literature
is available for the FSW with scarf joints. This paper has made an attempt to be the torch bearer in
investigating the effect of scarf joints. Any further attempt to separately optimize the parameters for
scarf configuration may uncover the complete potential of this type of joint. During FSW, the material
undergoes extrusion at the leading edge in the AS, which churns around the edge and finally forged
behind on the RS at trailing edge, thus consolidating the joint. During the course of this action, the
material moves under shear through a set of stick-and-slip actions around the pin and undergoes severe
plastic deformation. If the lateral surface of pins has flat faces such as in prismatic/pyramid shape,
the material, which otherwise moves purely under shear, experiences support to its flow through
pulsating action of the flats. Thus, the pin profile plays a significant role in material movement around
the pin. While the effect of pin profiles on square butt joints has been explored by some researchers,
its effect on scarf joint is not explored.

2. Experimental Method

In the present work, AA6063-T6 was applied as the base material (BM) and joined by friction stir
welding in square butt and scarf joint configurations. Rectangular plates of 200 mm × 45 mm × 4.75 mm
were used as welding. A 26◦ inverted bevel was tested to make up the scarf joint configuration. For the
chosen shoulder diameter, the bevel angles were chosen based on comprehensive trail runs. For the scarf
joint, the plates with inverted bevels were kept on AS as shown in Figure 4.

Figure 4. Alignment of plates for scarf joint configurations.
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To investigate the effect of pin geometries, hot die steel (H13) tools with five different pin profiles
such as cylindrical, tapered cylindrical, triangular, square and hexagonal (as shown in Figure 5) having
20 mm shoulder diameter, 7 mm pin diameter and 4.35 mm pin length were tested.

Figure 5. FSW tools with different pin profile (a) cylindrical; (b) tapered cylindrical; (c) triangular; (d)
square and (e) hexagonal.

Chemical composition, mechanical and physical properties of Al 6063-T6 are shown in Tables 1
and 2, respectively. Experiments were conducted on a robust vertical milling machine (Maker: Bharat
Fritz Werner (BFW), Bangalore, India) adapted to perform FSW. The intimate contact between the
abutting faces has a significant effect on the joint especially defect formation and thus the plates
were clamped by using a robust fixture with zero root gaps and adequate lateral contact pressure.
Parameters such as tool tilt angle rotational and traverse speed are key to the joint efficiency and
they were carefully chosen through a rigorous experimentation. Tool tilt of 1.5◦ (towards the trailing
side of the tool from the vertical axis of rotation), rotational speed of 900 rpm and traverse speed of
50 mm/min was used during experiments. These parameters were chosen by optimization through
comprehensive trial experimentation.

Table 1. Chemical composition of AA6063-T6.

Element Al Cu Mg Mn Fe Si Ti Cr Zn Ni

AA6063-T698.75 0.0280 0.489 0.031 0.245 0.426 0.014 0.006 0.0297 0.0029

Table 2. Mechanical and thermal properties of AA6063-T6.

Aluminium
Alloy

Ultimate Tensile
Strength (UTS) (MPa)

Yield (MPa) Elongation (%)
Thermal

Conductivity
Melting Point

AA6063-T6 220 110 14 200 W/m·K 616 ◦C

The tensile and impact samples were prepared as per ASTM E-8 and ASTM E-32 specifications,
respectively. A tensile test was performed on a computer interface tensometer at a cross head speed of
2 mm/min. Microstructural specimens were prepared by grinding and polishing as per standard procedure
and were subsequently polished by applying 1 and 0.3 micron alumina suspension and diamond paste,
respectively. The polished samples were etched with Keller’s reagent and macrographs of etched specimen
are shown in Table 3. Micro-structural analysis was done on an optical microscope, whereas scanning
electron microscopy (SEM, Zeiss, Jena, Germany) was applied to analyze fractured tensile samples.
Micro-hardness was also traced on the transverse weld section across various weld zones. The Vickers
hardness tests were conducted by means of hardness testing machine (Mitutoyo, Utsunomiya, Japan)
at 2 N load and 15 s dwell time. It is worthwhile to note that the present work has been performed to
investigate, demonstrate and compare the effects of pin profile on two different joint configurations. One of
the joint configurations is very scantly reported in the literature; in such a situation, a microstructural
analysis and its correlation to the process parameters shall be of greater importance, as it provides sound
technical basis on the process mechanics. Thus, rather than a statistical analysis, discussions and analyses
based on microstructure property correlation shall be more apt.

211



Metals 2018, 8, 74

The FSW process parameters and tool geometry except tool pin profile were optimized and kept
constant during the experiments and are shown in Table 4.

Table 3. Macrograph of friction stir (FS) welded butt and scarf joints showing different weld zones.

Pin Profile Butt Specimen Scarf Specimen

Table 4. Welding parameters that are constant during welding.

Process Parameter Unit Value

Tool rotational speed Rpm 900
Welding speed mm/min 50
Tool tilt angle Degree 1.5

Tool shoulder diameter mm 20
Tool shoulder surface - Flat

Pin diameter mm 7.3
Pin length mm 4.5

3. Results and Discussion

3.1. Microstructure Evolution of Butt Joint

The base material (Al 6063-T6) microstructure as given in Figure 6 shows that it consists of pancake
shaped grain boundaries along with the presence of dark precipitates that are uniformly distributed.

 

Figure 6. Microstructure of the base material.

212



Metals 2018, 8, 74

In contrast to this, the microstructure of weld is comprised of refined grains (Figures 7 and 8).
Micrographs of square butt and scarf configurations are depicted in Figures 7 and 8, respectively. It is
evident from Figure 7 that, in square butt configuration, defects like joint line remnant, tunnel and
kissing bond (zig-zag line) are produced, which is a commonly reported concern [25–28]. Moreover,
such situation prevailed during several pin geometries including hexagonal, conical and triangular
sections, but the size of defects is very prominent in welds made with conical pin. As shown in
Figure 7e, in the case of triangular pins, the tunnels found on the AS, which indicates that the material
was pulled by the leading edge of tool from AS, but the pin could not effectively stir and fill the
material behind the tool, and, consequently, a void is formed.

Figure 7. Butt joint micrographs obtained for specimen produced by using tools of (a) cylindrical pin;
(b) tapered cylindrical pin; (c) square pin; (d) hexagonal pin; (e) triangular pin.

Micrograph from the SZ of weld made with conical pin is shown in Figure 7b, which reveals
that the joint possesses uniformly distributed grains along with fine particles that may be Mg2Si [29].
This contributes to enhanced joint strength and the same has been confirmed from the tensile test.
The cylindrical pin profile, however, produced joint of maximum tensile strength among the other
profiles used. Furthermore, zigzag lines and minute micro-cracks are also observed, which may be
due to agglomerated presence of Al2O3 particles along the faying line, which could not be merged due
these particles [29].

Figure 5c–e depict the micrographs of welds produced using square, hexagonal and triangular pin
profiles, respectively. Defects such as kissing bond, tunnel and joint line remnant are visible in these
micrographs. Furthermore, as calculated by Elangovan et al. [13], the number of pulses is equal to the
product of rotation speed per second and the number of flat faces in the pin. Therefore, at a traverse
speed of 50 mm/min (0.8333 mm/s) and rotation speed of 900 rpm (60 rps), the number of pulse
produced per seconds were 90, 60, 45 for hexagonal, square and triangular pin profiles, respectively.
Pins with flat faces like hexagonal, square and triangular produce pulsating stirring action and assist
with material movement, provided the size and number of pulsations are correct. Thus, for effective
pulsating action that can aid in effective stirring and homogenous redistribution of the strengthening
particles, proper selection of pin-shoulder diameter is also required. However, in the present study,
the employed pin-shoulder diameter shows that, in some cases, defects are present even despite
pulsating action (like a tunnel defect with triangular pin profile). This may be because of the fact
that the material extruded by a pulse has to be pressed by the shoulder, but, a material by a single
pulsation being either too much or too less may result in defects. However, in this study, the defects
that appear to occur were the results of insufficient availability of material at the site of joint due to too
less material being eroded in a single pulse.
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However, there is no such pulsating action in the case of cylindrical and tapered pin profiles,
and so the extrusion of material by these pin profiles is in the form of continuous fine layers.
Thus, the intermixing and deposition of this continuous supply of material in a limited amount
are successfully accomplished by the tool shoulder (20 mm), and it is evident from the results that
the strength obtained for these profiles is better than the rest of the profiles. Furthermore, study of
micrographs reveals that variation in grain size and distribution of strengthening particles Mg2Si
(minute black spots in the micrographs are actually Mg2Si [13]) are clearly visible.

Moreover, in the case of a triangular tool, the fall in tensile and impact strength of joints are due
to the presence of the tunnel defect as seen in Figure 8. However, the appearance of the top surface of
the joint may look fine, but the tunneling defect may still be present, as it exists below the surface.

 

Tunneling Defect 

Figure 8. Tunnel defect in the welded joint.

3.2. Microstructure Evolution of Scarf Joint

It was quite clear from available literature that the majority of the FSW work was done over butt
joint and lap joint configuration [30], whereas, in the present work, an attempt has been made to make
a joint between new configurations, which was actually a combination of lap and butt joints, and it
is named scarf joint configuration. From the micrograph of the SZ of scarf joints, the influence of
pin profiles on the material flow and defect formation is analyzed. Moreover, the microstructure for
scarf joints (Figure 9) shows that, while defects that are more serious like voids, tunnel, and cavities
are either absent or significantly reduced in size. Only defects like kissing-bond, hooking (which is
typically found in lap joints [31–33]), and zigzag lines were found in specimens of the weld produced
by different pin profiles.

As shown in Figure 9a–e, in almost all the micrographs, the initial joint line of two bevel plates
was clearly visible, and this was one of the reasons for the decrease in strength of the scarf joint.
These surfaces, however, experienced deformations and might deviate from the original straight and
flat contact interfaces. The wider kissing bond appears to be the main reason for the reduced strength;
otherwise, other bulk defects such as voids, tunnels or cavities are reduced in the case of scarf joints.
It is evident from Figure 9b that the SZ is comprised of elongated grains and transition from SZ to
TMAZ is clearly visible. The detailed micrograph of the kissing bond flaw with a typical angled
direction and a zigzag shape near its end is evident in Figure 9e.

Around the SZ and TMAZ interface, the presence of the kissing bond appears to be the extension
of the hooking defect in TMAZ, although the bond width is not as wide as it is for the hooking defect
as stated by Threadgill et al. [34]. Furthermore, such bonds (kissing and hooking) are imperfections
due to remnant oxide films on the original workpiece surfaces, which had not broken up due to the
insufficient deformation during stirring. In fact, the distribution of the oxides is strongly connected to
parameters such as welding speed, and tool rotational speed brings variations in the degree of stirring
produced in the material [35,36].

214



Metals 2018, 8, 74

 

Figure 9. Scarf joint micrographs obtained for specimen produced by using tools of (a) cylindrical pin;
(b) tapered cylindrical pin; (c) square pin; (d) hexagonal pin; (e) triangular pin.

3.3. Mechanical Testing

The effect of different pin profiles on tensile strength is explored for butt and scarf joints of Al 6063-T6.
In the case of butt joints, the tapered cylindrical pin profile showed the maximum strength (162 MPa) and
toughness (26 Joule) compared to the welds made applying other pin profiles, and this may be due to grain
refinement and dynamic recrystallization (DRX) in the SZ [10]. Fine grain structure increases the strength
of joints because the resistance in the movement of dislocation increases, as the number of grain boundaries.
Furthermore, the cylindrical pin produces joints with better tensile properties than square, triangular and
hexagonal. Joints produced using hexagonal and triangular pin profiles exhibited poor tensile strength due
to non-homogeneous movement of materials around the pin. FS welded butt and scarf joints fabricated
with cylindrical tool exhibited the highest elongation (11.16 and 7.75 mm, respectively), whereas joints with
tapered cylindrical pins showed elongation 7.95 and 7.01 mm, respectively. This difference in elongation
may be attributed to coarser grains from cylindrical tool weld, which aids in stretching by allowing the
grain boundaries to deform more. Scarf joints with cylindrical pins showed maximum tensile strength
(137 MPa) and toughness (21 Joule) compared to joints with other pin profiles.

Furthermore, in both joint configurations, the results obtained for square, triangular and hexagonal
shaped tool pin profiles are found to be weak in strength. As pulsating action produced by pins with
flat faces not only on depends on the number of flat faces in the pin but also on other parameters too.
Thus, the FSW process parameter combinations appear to be unable to generate sufficient temperature
and the rate of stirring in which the pulsating action could be effectively engaged.

It is reported that, due to inappropriate movement and insufficient plasticization of material
during FS welding, the joints are prone to defects like kissing bonds, voids, tunnel defects, etc. [37,38].
It was observed that the FS Welded joints obtained by applying triangular and hexagonal pin profiles
possessed tunneling defects, which resulted in the degradation of the tensile strength as shown in
Tables 5 and 6. Similar results are also reported in literature [39].

Table 5. Butt joint configuration tensile and impact test results for different pin profiles.

Pin Profile Peak Load (KN) UTS (MPa) Elongation (%) Impact Strength (Joule)

Tapered
Cylindrical

4.4 162 8 26

Cylindrical 4.1 160 11 24
Square 4.5 158 7 21

Hexagonal 3.5 117 5.3 22
Triangular 3.4 116 4.6 20
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Table 6. Scarf joint configuration tensile and impact test results for different pin profiles.

Pin Profile Peak Load (KN) UTS (MPa) Elongation (%) Impact Strength (Joule)

Tapered
Cylindrical

3.3 129 7 16

Cylindrical 4.4 137 8 21
Square 1.6 77 5 09

Hexagonal 4.4 121 8 11
Triangular 1.7 63 3 18

3.4. Fractography

To reveal how the fracture occurred during tensile testing, SEM observations of the fractured
section were carried out. The fracture mechanism of the joints produced by testing different tool pin
profiles and over two different joint configurations are described by the typical fractographs at the
mid-section of the fractured tensile specimens in Figure 10.

The SEM fractographs reveal that a combination of deep and shallow micro-voids (less in number
in case of butt joints) were present (Figure 10a), whereas micro voids in the case of scarf joint
configurations were seen in large numbers that are relatively big in size compared to butt joints
(Figure 10b). Furthermore, ductile striations spread over a large part are also visible. Furthermore,
energy dissipation in plastic strains is evident from the deep dimples at certain places in the micrograph.
Finely populated deep dimples are observed in butt joints (Figure 10a), which implies typical ductile
mode of fractures observed in many aluminium alloys. The scarf joint shows shear type fracture with
less number of deep dimples near the SZ (Figure 10b). The ductile fracture with void nucleation and
coalescence is distinct in this micrograph.

Figure 10. Cont.
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Figure 10. SEM fractography of the welded joints produced by (A) tapered cylindrical pin for buttjoint
configuration and (B) cylindrical pin for scarf joint configuration.

3.5. Micro-Hardness Distribution

Micro-hardness distribution in the welded joints is performed to plot the topography of hardness
variations across various regions of the welds. The micro-hardness distribution across the welded
samples (transverse section) of the butt and scarf joints produced by different pin profiles are given in
Figure 11a,b.

It is quite evident from Figure 11a that the micro-hardness profile is “W” shaped for all butt joint
samples obtained by applying different pin profiles except for the square pin profile. The available
literature supports the formation of “W” shaped profile for precipitation strengthened materials. In the
stir zone, the average micro-hardness is 70 HV for all the samples except square pin profiles, and it is
about 85 HV for square pin profile welded samples. Square pin profiles create a maximum pulsating
action and provides a higher volumetric area (swept/static volume ratio is higher) for material mixing
thus results in good material mixing and higher micro-hardness. The micro-hardness further increases
at the TMAZ and suddenly drops at the HAZ of the retreating side of the joint obtained using a square
pin profile. The sudden increment at the TMAZ may be attributed to the intermetallic compound
(IMC) formation, and its decrement in HAZ is due to the grain coarsening and dissolution of the
strengthening precipitates [40–43].

The micro-hardness profile at the stir zone for butt joining is stable (see Figure 11a); however, for all
the scarf joints, there is a sudden drop in micro-hardness near the centerline as shown in Figure 11b.
The basic material movement in FSW is advancing to the retreating side, but the complex nature
of the scarf joint requires an effective vertical material movement, which is not fulfilled completely
during FSW. Thus, the formation of heterogeneous mixture at the stir zone is the possible reason for
the decrement of micro-hardness in the scarf joint for different pin profiles. However, the square joint
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creates the maximum micro-hardness among all the joints due to the effective pulsation, which can
create better material stirring and mixing.

(a)

(b)

Figure 11. Micro hardness profiles of welded joints produced in (a) butt joint configuration and (b) scarf
joint configuration.

4. Conclusions

FSW of Al 6063-T6in butt and scarf joint configuration using five different tool pin profiles
(straight cylindrical, tapered cylindrical, threaded cylindrical, triangular, and square) has been
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successfully performed. Along with butt joint configuration, a completely new joint configuration
i.e., scarf joint (lap-butt), is tried for FSW. Defects that form during the course of action were also
reported and discussed, and feasible recommendations have been made to prevent their formation.
Based on the results obtained, various conclusions are drawn below:

1. FS welded butt joints fabricated with Tapered Cylindrical tools exhibited the highest tensile
strength (162 MPa), whereas triangular tools showed the lowest tensile strength (115.6 MPa).

2. Maximum impact strength of the FS welded butt joint is found to be 26 joules for Tapered
Cylindrical tools.

3. The low strength obtained in the case of scarf joints is due to relatively new joint configuration and
improper features of the joints such as inclination angle, plate positioning and improper plunge.

4. Tunnel defects are found on the advancing side of the butt joint fabricated using triangular pin
profiles due to the improper flow of material and inadequate consolidation.

5. Hooking, kissing and zigzag line defects were observed in the weld zone of scarf joint
configurations due to improper combination of process parameters employed for welding.

6. FSW on scarf joints has been performed on the parameter combinations, which were optimized
for butt joints.
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Abstract: Micron sizes solder metallurgical joints have been applied in a thin film application of
anisotropic conductive film and benefited three general advantages, such as lower joint resistance,
higher power handling capability, and reliability, when compared with pressure based contact of
metal conductor balls. Recently, flex-on-board interconnection has become more and more popular
for mobile electronic applications. However, crack formation of the solder joint crack was occurred at
low temperature curable acrylic polymer resins after bonding processes. In this study, the mechanism
of SnBi58 solder joint crack at low temperature curable acrylic adhesive was investigated. In addition,
SnBi58 solder joint cracks can be significantly removed by increasing the storage modulus of adhesives
instead of coefficient of thermal expansion. The first approach of reducing the amount of polymer
rebound can be achieved by using an ultrasonic bonding method to maintain a bonding pressure
on the SnBi58 solder joints cooling to room temperature. The second approach is to increase storage
modulus of adhesives by adding silica filler into acrylic polymer resins to prevent the solder joint
from cracking. Finally, excellent acrylic based SnBi58 solder joints reliability were obtained after
1000 cycles thermal cycling test.

Keywords: adhesive thermos-mechanical property; SnBi58 solder joint morphology; flex-on-board
assembly; thermal compression bonding; ultrasonic bonding

1. Introduction

Amid the current trend for wearable electronics assembly, flex-on-board (FOB) assembly is
attracting a greater attention because of its important role in replacing conventional physical
contacts-based socket type interconnections. In the case of conventional socket type interconnections,
there are three main drawbacks, which include: physical contact, large package size, and low packaging
density [1]. For reducing the package thickness from 4 mm to 0.1 mm, and fine pitch capability to
less than 100 μm, FOB application, as shown in Figure 1, is an obvious choice in the replacement of
conventional socket type interconnections [2].

Metals 2018, 8, 42; doi:10.3390/met8010042 www.mdpi.com/journal/metals222
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Figure 1. Bonding process and formed flex-on-board interconnection.

The anisotropic conductive films (ACFs) are the interconnection materials to assembly FOB
applications. ACFs generally consist of thermosetting polymer resins and micron-sized conductive
particles, with the cruel requirement in fine pitch applications of providing electrical paths only in
the z-axis, and insulation property by polymer resins in the x-y plane. Physical contacts between the
conductive particles and metal electrodes are the main electrical paths for micron-sized Au/Ni coated
polymer ball joints and metal ball joints, but they will easily fail with the thermal expansion of polymer
resin in high-power applications [3]. Therefore, micron-sized solder particles are added to polymer
resin matrixes to replace micron-sized Au/Ni coated polymer ball joints and metal ball joints to form
metallurgical joints for lower joint resistance, higher power-handling capability, and better reliability,
in Figure 2.

 

Figure 2. A comparison of the conventional Ni and Sn solder metallurgical anisotropic conductive
films (ACFs) joints.

In these solder ACFs, solders are Sn-based Sn-58Bi or Sn-Ag-Cu (SAC) alloys, depending on their
melting temperature. Sn-58Bi (139 ◦C) and Sn-3.0Ag-0.5Cu (221 ◦C) solder ACFs can be assembled at
200 ◦C and 250 ◦C bonding temperature, respectively. According to previous study [4], 200 ◦C was the
optimized bonding temperature for Sn-58Bi solder ACFs joints in FOB applications. Below 200 ◦C,
resin traps were always found at Sn-58Bi solder joints. Above 200 ◦C, a joint height larger than solder
ball dimension was achieved and even open circuits were formed, due to ACFs faster curing property.

To remove the Sn solder oxide layer for enhanced performance, two bonding methods have been
used. One method uses an ultrasonic (US) bonding [5], and the other method is to add flux materials
in adhesives using a conventional thermo-compression (TC) bonding [6]. Figure 3 shows the difference
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on the final completed moment between the TC bonding and US bonding methods in Figure 3. At the
end of the TC bonding, the bonding pressure will be automatically lifted-up, however, the lift-up time
of the bonding pressure can be controlled in the cooling process by the US bonding.

 

Figure 3. The comparison of the completed moment between thermo-compression (TC) and ultrasonic
(US) bonding: Releasing pressure and maintaining pressure.

Because the polymer resins were still at a high temperature environment when the bonding
pressure was removed, the potential polymer rebound without the bonding pressure protect might
be issued for solder ACFs joints, due to viscoelastic property. The solder joint was molten and could
not provide any protect against the polymer rebound, as a result, cracks of solder ACFs joints would
occur. In terms of viscoelastic theory, the polymer resin shows a dominant elastic property instead of
the viscos property, because the polymer rebound and the disappear of the bonding pressure were
in a vertical direction and the polymer rebound was theoretically caused by the shape recover of
polymer resins without pressure protect at a high temperature. In addition, there was not any change
of the horizontal sheer forces in the polymer resin on the moment of releasing bonding pressures [7].
Therefore, the elastic property of polymer resins at a high temperature was very important for cracking
solder ACFs joints. However, there is no research regarding this area, and no available method to solve
the solder joint cracks. Figure 4 shows a Sn-58Bi solder joint crack after a FOB assembly.

 

Figure 4. SnBi58 solder joint cracks after a thermo-compression bonding.

In this study, we used adhesives thermos-mechanical property to illustrate resin elastic property
when the bonding pressures were removed, and the corresponding SnBi58 solder joint morphologies
were observed using various adhesives materials and two bonding methods. In details, three typical
adhesive resins were compared with different thermos-mechanical properties. It was found that solder
joint cracks were always made at fast curable acrylic resins with a poor thermos-mechanical property.
Its glass transition temperature (Tg) was too low at 45 ◦C. To solve the solder joint cracks at this 45 ◦C
low Tg material, we developed the lift-up time of bonding pressure in the cooling process by an US
bonding method. Using this, crack-free solder ACF joints were achieved when bonding pressure was
lift-up in the cooling process until 70 s lower than polymer Tg. The second method to add 0.2 μm
silica fillers to increase resin modulus using a conventional TC bonding. It was found that cracks at
Sn-58Bi joints can be removed by adding to 10 wt % amount of SiO2, where 1.38 MPa storage modulus
was needed at 200 ◦C. Finally, −45/125 ◦C reliability was carried out to evaluate the improved solder
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ACFs joints for low temperature curable acrylic resins by 1000 cycles. All of the joint crack experiments
are conducted and lead by our research group.

2. Experiments

2.1. Test Vehicles and Materials

1-mm-thick FR-4 printed circuit board (PCB) and a 50-μm-thick polyimide based flexible printed
circuit (FPCB) substrate which plotted 500-μm-pitch Cu patterns with electroless nickel immersion
gold (ENIG) finish in Figure 5.

(a) (b)

Figure 5. 500-μm-pitch flex-on-board (FOB) test vehicles. (a) printed circuit board (PCB), (b) polyimide
based flexible printed circuit (FPCB).

For the ACFs, three kinds of thermosetting polymer resins were used, in name of acrylic base,
imidazole base and cationic epoxy base. These products were bought from a commercial adhesive
company. We added 5 wt % 8-μm-diameter Ni particles, 0.2 μm silica fillers, 30 wt % 25–32 μm
diameters Sn58Bi particles, and 2 wt % flux material into the pure bought adhesives and then proceeded
the film coating process. So, we got the anisotropic conductive films.

Ni particles were used to resist bonding pressures and maintain solder joint morphology during
bonding in Figure 6. Silica fillers were directly added and mixed with the solution of polymer resins
and conductive particles. Table 1 gives the specifications of the added materials, such as weight
percentages of the pure polymer resins and the calculated volume percentages of the total ACFs
materials with additives. Figure 7 shows the fresh ACFs were put on the PCB ENIG metal electrodes
before bonding process [8].

Table 1. The specification of solder ACFs.

Solder
ACFs

Weight Percentage Calculated Volume Percentage

SnBi58 Solder
(8.56 g/cm3)

Polymer Resin
(1.25 g/cm3)

Ni Particle
(8.9 g/cm3)

Silica Filler
(2.65 g/cm3)

SnBi58 Solder
(8.56 g/cm3)

Polymer Resin
(1.25 g/cm3)

Ni Particles
(8.9 g/cm3)

Silica Filler
(2.65 g/cm3)

ACF 1 30% 1 5% 0% 6.25% 92.75% 1% 0%
ACF 2 30% 1 5% 5% 6.1% 89.7% 0.97% 3.23%
ACF 3 30% 1 5% 10% 5.9% 86.9% 0.93% 6.27%

Figure 6. Role of Ni spacer at solder ACFs joints.
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SnBi58 solder 

Ni spacer 

100 m 

Figure 7. The laminated ACFs on the PCB electroless nickel immersion gold (ENIG) metal electrodes.

2.2. Two Bonding Methods

2.2.1. Thermo-Compression Bonding

The bonding parameters (peak temperature, time, and pressure) were set as 200 ◦C 10 s and 1 MPa.
Figure 8 shows a schematic of TC bonding process. Polymer resin was cured by the heat conduction
from the high temperature of hot bar. Figure 9 gives the in-situ temperature of solder ACFs joint by a
TC bonding, which is measured by a K-type thermocouple every 0.1 s. In this case, the hot-bar was
automatically lift-up on the peak temperature.

 

Figure 8. A schematic of TC bonding.
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Figure 9. The in-situ temperature profile of solder ACFs joint by a TC bonding.

2.2.2. Ultrasonic Bonding

Figure 10 shows the schematic of ultrasonic bonding process. In this case, ultrasonic vibration was
applied at room temperature and polymer resin was cured by the spontaneous ultrasonic vibration.
Bonding pressure can be controlled as a function of time. So, Figure 11 gives the in-situ ACFs joint
temperature profile and the delaying ultrasonic horn lift-up time using the ultrasonic bonding. In this
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case, ultrasonic vibration is applied for 10 s, and then the 1 MPa bonding pressure was maintained
until 70 s to room temperature.

 

Figure 10. A schematic of ultrasonic bonding.
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Figure 11. The in-situ temperature profile of solder ACFs joint by US bonding.

2.3. Differential Scanning Calorimetry (DSC)

For analysis of solder ACFs joint crack, DSC was performed. The heating rate was 20 ◦C/min
from 30 ◦C to 300 ◦C and furnace cooled to room temperature at a nitrogen environment. Although a
rate of 10 ◦C/min is traditional, a faster heating rate for the metallic solder materials does not affect
much regarding solder melting temperatures. Polymer resin was not tested in this experiment, so the
glass transition temperature of resin was not considered. At here, solder melting and solidifying
behaviors can be adjusted. The test sample was 20 mg weight.

2.4. Thermomechanical Analysis

A thermomechanical analyzer (DMA) was used to measure the viscoelastic property of the cured
polymer resin as a function of temperature. Figure 12 shows the DMA measurement for cured ACFs.
A 10-mm-length, 2.5-mm-width, and 50-μm-thickness resin film was under a tensile force, where the
static stress was 50 mN and the dynamic stress was 10 mN under 0.1 Hz sinusoidal load, and the
temperature profile was fixed at a heating rate of 5 ◦C/min from 30 ◦C to 200 ◦C. For the elastic
property in the z direction, the elastic strain was discussed. According to Equation (1), elastic strain is
the elastic deformation of polymer resin driven by the sinusoidal tensile load, which is the ratio of
length change (ΔL) over the initial ACF length (L). The higher elastic strain indicates larger plastic
rebound of polymer resin. In addition, the coefficient of thermal expansion (CTE) of adhesives were
also measured by a 50 mN constant tensile force as temperature increased.

Strain =
ΔL
L

(1)
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Figure 12. DMA thermo-mechanical property measurement for cured ACFs [9].

2.5. Joint Resistance and Morphologies

After bonding process, ACFs joint resistance was measured using a kelvin 4-point-probe method.
From Ohm’s Law, we know that resistance is equal to voltage divided by current. The resistance of
the desired part can be known if we apply the constant current going through it and measure the
voltage dropped across it. The calculated ratio of overlapped voltage to current is regarded as the joint
resistance [10].

In our design, delta mode measurement by KI 6220 nano-voltmeter from a Keithley company at
America was used. The constant current was applied through both PCB and FPCB Cu lines and solder
ACFs joints, and the voltage measurement was from another way and the overlapped grown part was
the measured solder ACFs areas in Figure 13. 10 times were set up for the accurate measurement of one
solder ACF joint area. Area size was 0.3 mm2. 40 channels were measured for one kind of ACF joint.

In addition, solder ACFs joint images after the bonding process were observed by a scanning
electron microscope (SEM). The backscattered electron mode and 2000 magnification were selected for
an obvious comparison between Sn and Bi elements. Typical solder information, such as solder joint
heights, shapes, morphologies, and cracks, was recorded.

Figure 13. Electrical design for a four-point-probe measurement.

2.6. Reliability Evaluation

A −45/125 ◦C reliability was carried out to evaluate the improved solder ACFs joints at low Tg
materials for 1000 cycles. The test samples for the reliability test were TC bonded using acrylic based
solder ACFs with 0, 5, and 10 wt % of 0.2 μm silica fillers added. The reliability test was performed with
a dwell time of 15 min from −40 ◦C to 125 ◦C for 1000 cycles. Joint contact resistances were measured
every 200 cycles. After 1000 cycles, failure modes of ACF joints were detected by SEM analysis.
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3. Results and Discussion

3.1. Elastic Property of Polymer Resin

Figure 14 shows a 50 mN tensile sinusoidal load with 10 mN amplitude and 0.1 Hz frequency
in DMA. Figure 15 illustrates the measured strain of acrylic based SnBi58 solder ACFs in respect
to the sinusoidal load in DMA as a function of temperature. Viscoelastic materials, such as
elastomers, amorphous polymers, and semicrystalline polymers [11], were always in the polymer
resins. For example, elastomers are usually thermosets as well as it may also be thermoplastic. The long
polymer chains are cross-linked during a curing reaction. The molecular structure of elastomers can be
imagined as Figure 16 and the dots represent cross-links. When the stress is removed, B configuration will
return to the original A configuration [12]. This elasticity is derived from the long chains to reconfigure
themselves to distribute an applied stress. This is the reason for the elastic behaviors of elastomers.

In Figure 15, it was found that the measured strain was increased at high temperature, especially
above Tg. Actually, the measured strain is divided into two parts, the first is polymer relaxation under
a tensile force and the second is elastic strain respond to sinusoidal mechanical load. Both the polymer
relaxation and elastic strain were increased as the temperature increased. This is because elastomers
that have cooled to a glassy or crystalline phase will have less mobile chains, and, consequentially,
less elasticity than those manipulated higher than the glass transition temperature of the polymer [13].
So the polymer Tg is very important to reduce elasticity.
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Figure 14. Mechanical load in a tensile mode by DMA.
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Figure 15. Strain of acrylic based SnBi58 solder ACFs in respect to a sinusoidal load in DMA as a
function of temperature.
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Figure 16. Elastomer structures: (A) is an unstressed polymer; (B) is the same polymer under stress.

Because Tg of acrylic resin is 45 ◦C, polymer transits from a rigid glass state to a soft rubber state,
elastic strain in respect to same driving sinusoidal force is small below Tg and becomes large above Tg
due to viscoelastic property. What is more, SnBi58 solder particles are made up of 30 wt % of total
solder ACFs, and the strain measurement is in a tensile mode, so the dimension was stretched when
the solder melts on 139 ◦C.

In this study, viscoelastic property was studied using a dynamic mechanical analysis method,
which is by applying a small oscillatory stress and measuring the resulting strain. Complex dynamic
modulus G can be used to represent the relations (2) to (4) between the oscillating stress and strain [14]:

G = G′ + iG′′ (2)

where i2 = −1, G′ is the storage modulus and G′′ is the loss modulus:

G′ = σ0

ε0
cos δ (3)

G′′ = σ0

ε0
sin δ (4)

where σ0 and ε0 are the amplitudes of the applied stress and the measured elastic strain, respectively,
and δ is the phase shift between them. Because G′ and G′′ only have phase shift difference, and both of
them can represent ε0. So, we use G′ storage modulus to estimate resin elastic property. Figure 17 is
the derived storage modulus of acrylic based polymer resin from DMA. Since acrylic resin is a low Tg
material, the lower storage modulus indicates the larger elasticity of polymer resin.
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Figure 17. Storage modulus of acrylic based solder ACF as a function of temperature.

3.2. Effects of Resin Tg on Solder Joint Morphology

We prepared three types polymer resins with different Tg in Figure 18. When compared with
acrylic adhesives by 45 ◦C Tg, the conventional epoxies cured by imidazole and cationic agent showed
higher Tg (over 100 ◦C) and storage modulus. Especially at 200 ◦C when hot-bar was removed at the
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end of TC bonding, the cured acrylic adhesives only had 0.4 MPa storage modulus, but cationic epoxy
and imidazole epoxy showed 7.1 MPa and 5.7 MPa, respectively.

Figure 19 shows SnBi58 solder ACFs joints morphologies using three types resins and a
conventional TC bonding method. It only showed cracks at acrylic adhesives, regardless of bonding
pressures. However, there is no solder joint cracks when using other two types adhesive materials
under same bonding pressures. Therefore, our first conclusion is that solder joint crack can be solved
by using higher Tg adhesives. In Figure 19, cracks are found mostly along the outer interface and
sporadically inside the solder, probably due to the weak intermetallic compound of Ni3Sn4 formation
at the interface after bonding. However, in Figure 19g, cracks are found in the solder, probably due to
the crack initiation at the weak point of solder joints and then propagation into the bulk solder joints.
All of the results can be replicate for the same specimens of ACFs recipes.
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Figure 18. Thermal mechanical properties of typical adhesives films. (a) 30 ◦C–250 ◦C (b) magnified
200 ◦C–250 ◦C.

 

Figure 19. SEM images of SnBi58 solder ACFs joints by 200 ◦C 10 s TC bonding as a function of resin
types and bonding pressures. (a,d,g) Acrylic base resins with 1, 2, and 3 MPa bonding pressures;
(b,e,h) Imidazole epoxy with 1, 2, and 3 MPa bonding pressures; (c,f,i) Cationic epoxy with 1, 2,
and 3 MPa bonding pressures.
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Although we assumed that the molten solder joints were cracked under tensile forces by the
polymer rebound when bonding pressures were removed at high temperature, however, there is
another concern by CTE mismatch between shrink adhesives and solders during the cooling process.
Therefore, we carried out the cooling analysis.

Figure 20 shows endothermic and exothermic behaviors of SnBi58 solder materials in a DSC
analysis. In a heating period, SnBi58 solder melts at 139 ◦C and stays at a liquid state until cooling to
125 ◦C, and SnBi58 solders were totally solid below 90 ◦C. It means that the cooled adhesives are able
to cause the solidified SnBi58 solder joints cracks above 90 ◦C, because the fully solid SnBi58 joint is
with 30.9 Gpa young’s modulus, which is a hard material. Figure 21 summarizes thermal expansion
properties of three typical adhesives. Table 2 gives shrinkage percentages of typical adhesives films
during cooling. 90 ◦C is lower than Tg of imidazole epoxy and cation epoxy, so there was a huge
dimension shrinkage when cooling through glass transition region at 2 epoxies. From 200 ◦C cooling to
90 ◦C, acrylic resin, imidazole epoxy, and cation epoxy showed −11.2%, −13.2%, and −5.2% dimension
shrinkage, however, there is no solder joint cracks at imidazole epoxy based SnBi58 solder ACFs joints
in Figure 19. Thus, solder ACFs joint cracks were not related with higher compressive stress by
adhesives shrinkages in the cooling process. The mechanism of solder ACFs joint cracks should be
adhesive rebound, especially for lower modulus acrylic adhesives.
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Figure 20. DSC behaviors of SnBi58 solder during heating and cooling process.
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Figure 21. Thermal expansion properties of typical adhesives films.
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Table 2. Shrinkage percentages of typical adhesives films during cooling.

Dimension Change Acrylic Imidazole Epoxy Cation Epoxy

200 ◦C 21% 14% 6%
90 ◦C 9.8% 0.8% 0.8

200 cooling to 90 ◦C −11.2% −13.2% −5.2%

3.3. Effects of Ultrasonic Bonding on Increasing Resin Modulus

Learning from that high modulus may help to solve the solder joint morphology; an ultrasonic
bonding with maintaining pressures in the cooling process was tried. Table 3 summarized increased
storage modulus of acrylic adhesives at lower temperature. Figure 22 shows the acrylic based SnBi58
solder ACFs joint morphologies during an US bonding method with different lift-up time of bonding
tool. It was found that a crack-free SnBi58 solder ACFs joint can be obtained by maintaining pressure
below 30 ◦C, due to higher storage modulus of the acrylic adhesives below its Tg (45 ◦C). At here,
above 5 MPa storage modulus was needed to avoid solder joint cracks using an ultrasonic bonding.
The enhanced process was done by 70 s, however, maintaining pressure time is too long for assembly
over 30 s.

Table 3. Storage modulus of acrylic adhesive during cooling process.

Temperature 200 ◦C 150 ◦C 100 ◦C 50 ◦C 30 ◦C

Modulus 0.4 MPa 0.44 MPa 0.53 MPa 5.2 MPa 34 MPa

Figure 22. Effects of delaying ultrasonic horn lift-up times (0, 1.2, 5.4, 30.2, and 60.3 s) on the SnBi58
solder ACFs joint morphologies.

3.4. Effects of Silica Fillers on Increasing Modulus of Acrylic Resin

From the ultrasonic bonding experiment, we concluded that resin modulus is the key to determine
solder joint cracks. In order to find out the specific modulus for TC bonding to prevent solder joint
from cracking, the second approach is to increase resin storage modulus by directly adding silica
fillers into acrylic polymer resins. Figure 23 shows that the measured strain was decreased of acrylic
based SnBi58 solder ACFs by adding 0, 5, and 10 wt % of 0.2 μm silica fillers. Both the amount of the
polymer expansion and the elastic strain of polymer resin were reduced by adding higher contents of
silica fillers.
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Storage modulus of acrylic based SnBi58 solder ACFs with addition of 0, 5, and 10 wt % 0.2 μm
silica was shown in Figure 24. By adding 5 and 10 wt % 0.2 μm silica filler, the storage modulus
0.4 MPa, 0.9 MPa, and 1.3 MPa was prepared at 200 ◦C, respectively.
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Figure 23. Strain of acrylic based SnBi58 solder ACFs with added silica fillers as a function
of temperature.
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Figure 24. Elastic modulus of acrylic based SnBi58 solder ACFs by adding 0, 5, and 10 wt % 0.2 μm
silica fillers at (a) 0–80 MPa and (b) 0–10 MPa ranges.

3.5. Reliability Evaluation for Modified Solder ACFs Joint

Solder joint morphologies of acrylic based SnBi58 solder ACFs added by 0, 5, and 10 wt % 0.2 μm
silica filler before and after 1000 cycles reliability were listed in the Figure 25. According to the
increment of elastic modulus by adding silica fillers from 0 wt % to 10 wt %, as shown in Figure 24b,
solder joint crack was completely removed at acrylic based SnBi58 solder ACF joints during 200 ◦C
TC bonding with a pressure release during a cooling process. The optimized storage modulus for
adhesives in TC bonding was above 1.38 MPa at 200 ◦C for crack-free SnBi58 solder joints.

In terms of reliability evaluation, Figure 25 shows the joint morphology after reliability. For acrylic
based SnBi58 solder ACFs without added silica fillers, the joint failure occurred at the interface between
SnBi58 solder joints and Cu metal electrode after 1000 cycles reliability test, because initial solder
joint cracks have already existed before the reliability test. If 0.2 μm silica filler was less than 5 wt %,
then a small solder crack still remained and propagated at SnBi58 solder joints, resulting in unstable
joint contact resistance during reliability. If 0.2 μm silica filler was more than 10 wt %, a complete
solder joint morphology was obtained after the 1000 cycles reliability, because initial solder joint crack
was perfectly removed. Figure 26 shows electrical performance in the 1000 cycles T/C reliability [15],
and the most stable joint resistance was achieved by adding 10 wt % 0.2 μm silica fillers and crack-free
solder joint.
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Figure 25. Solder joint morphologies of acrylic based SnBi58 solder ACFs added by 0, 5, and 10 wt %
0.2 μm silica filler before and after 1000 cycles reliability test.
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Figure 26. Cont.
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Figure 26. Solder joint contact resistances of acrylic based SnBi58 solder ACFs up to 1000 cycles T/C
reliability as a function of (a) 0, (b) 5, and (c) 10 wt % 0.2 μm silica fillers addition.

The significance of this research is to present the low resin modulus is the determined factor
to cause solder joint cracks, and we provided two methods to prevent solder joint from cracking by
increasing resin modulus: by delaying hot-bar lift-up time and adding Silica Fillers. The other methods,
which can solve the cracks in solder joints, will be investigated and considered in future.

4. Conclusions

In this study, we demonstrated the storage modulus of adhesives was the key factor for solder
joint morphology. Crack at solder joints occurred due to low storage modulus. Two ways were
suggested to increase resin modulus to solve the solder joint cracks. The first way was to maintain
bonding pressures until cooling lower than its Tg (45 ◦C) during an ultrasonic bonding. The second
way was to add 10 wt % 0.2 μm SiO2 to the low modulus acrylic ACFs solder ACFs. For ultrasonic
bonding, above 5 MPa of storage modulus was needed to prevent solder joint from cracking. However,
the maintaining pressure time 70 s was too long for manufacturing factories over 30 s. Using a
conventional TC bonding, it was found out that resin storage modulus above 1.38 MPa at 200 ◦C was
needed for a crack-free SnBi58 solder joint morphology. Finally, the modified solder joint morphology
was tested by a −45/125 ◦C reliability. After 1000 cycles, the modified solder joints showed the most
stable electrical performance. Solder joint cracks can be reduced after reliability by adding 10 wt %
0.2 μm SiO2 fillers.
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