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Preface to “Nickel Metal Hydride Batteries” 
Nickel/metal hydride (Ni/MH) batteries are presently used extensively in 

hybrid electric vehicles (HEVs). More than 10 million HEVs based on NiMH 
batteries have been manufactured and driven, and NiMH battery chemistry is 
expected to continue dominating the HEV market with its proven abuse tolerance, 
wide operating-temperature range, and durable service life. With the main goal of 
achieving higher gravimetric energy density while maintaining safety and 
robustness advantages, continuous efforts in improving the performances of 
NiMH batteries are very much needed in order to explore their possible use in 
other applications, such as battery-powered electric vehicles, the stationary 
market, and more. Meanwhile, with the inherited high volumetric energy density, 
the NiMH battery may have a chance to return to application in portable 
electronic devices. In this Special Issue of Batteries, review papers, current 
research, and future projection in the materials, fabrication methods, cell 
integration and development, performance evaluation, failure analysis, and other 
subjects related to NiMH batteries are included. 

Kwo Young 
Guest Editor 





Research in Nickel/Metal Hydride
Batteries 2016
Kwo-Hsiung Young

Abstract: Nineteen papers focusing on recent research investigations in the field of
nickel/metal hydride (Ni/MH) batteries have been selected for this Special Issue of
Batteries. These papers summarize the joint efforts in Ni/MH battery research from
BASF, Wayne State University, the National Institute of Standards and Technology,
Michigan State University, and FDK during 2015–2016 through reviews of basic
operational concepts, previous academic publications, issued US Patent and filed
Japan Patent Applications, descriptions of current research results in advanced
components and cell constructions, and projections of future works.

Reprinted from Batteries. Cite as: Young, K.-H. Research in Nickel/Metal Hydride
Batteries 2016. Batteries 2016, 2, 31.

1. Introduction

Nickel/metal hydride (Ni/MH) rechargeable batteries are one of the important
power sources for various consumer types of mobile applications, stationary energy
storage, and, most distinctively, transportation usages. In the consumer market, more
than one billion cylindrical cells are built annually to replace highly toxic Ni–Cd
batteries and throw-away primary alkaline batteries with Ni/MH batteries of the
same nominal voltage (1.2 V) and higher energy [1,2]. In stationary applications,
Ni/MH batteries offer a wide operation/storage temperature range, a high energy
density, and a very long service life [3–5]. For propulsion applications, more
than 10 million hybrid electrical vehicles currently on the road are powered by
Ni/MH batteries [6]. New applications in start–stop types of micro-hybrid electrical
vehicles [7], temporary energy storage for train braking [8], ferries [9], and buses [10]
are on the horizon.

Although Ni/MH batteries have an excellent track record for high
abuse-tolerance and endurable service life, these batteries suffer from a relatively
low gravitational energy density when comparing to rival Li-ion batteries [11]. The
demand for higher mileage between charges limits the future perspectives of Ni/MH
batteries in pure battery-powered electrical vehicles. In order to preempt the gap in
energy density, ongoing research activities in Ni/MH are currently being conducted
in the US, China, Japan, and Europe [12]. In this Special Issue of the journal Batteries,
nineteen papers from research within the USA have been collected to reflect the
current status of research and development in the area of Ni/MH batteries.
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2. Contributions

The selected papers presented in this Special Issue are highlighted in this section.
They are mainly from the research work conducted under a United States Department
of Energy (DOE)–Advanced Research Projects Agency–Energy granted program
(DE-AR0000386) and can be divided into four general categories: reviews on overall
programs and Patents in the area (four papers); metal hydride (MH) alloys used as
negative electrode active materials in Ni/MH batteries (eight papers); electrolyte
composition and additives (two papers); and uses of analytic tools to investigate the
nature and failure modes of components in Ni/MH batteries (five papers).

2.1. Reviews in Related Work

In this area, a single paper has been devoted to reviewing the major
accomplishments of the Robust Affordable Next Generation Energy Storage System
(RANGE) program funded by the DOE [13]; two papers are reviews of Patents,
specifically those granted in the US [14] and applied in Japan [15]; and one review
of the field of failure analysis of Ni/MH batteries [16]. In the RANGE program,
new anodes, cathodes, and electrolytes—together with a new pouch type of cell
assembly—were developed to boost the gravitational energy density of Ni/MH
batteries to 145 Wh·kg−1 on the cell level. The combination of an advanced Si-anode
with an extremely high potential capacity (up to 4000 mAh·g−1) and an ionic liquid
electrolyte has led to a new era of Ni/MH battery development [13]. In the paper
reviewing US Patents on the subject of Ni/MH batteries, 350 US Patents were
studied, beginning with active materials, to electrode fabrication, cell assembly,
system integration, application, and finally recovery and recycling [14]. This paper
also gives a brief introduction to the major components used in Ni/MH batteries.
Another paper reviewing Japanese Patent Application takes a different approach.
Instead of by subject manner, these Patent Applications were categorized by the filing
company/institute [15]. Applications from nine top Ni/MH battery manufacturers,
five major component suppliers, and three research institutes (all based in Japan) are
included, with special emphasis on the evolution of melting/casting apparatuses,
fabrication of paste electrode, and cell construction. The last review paper focuses
on studies of failure modes and degradation mechanisms of Ni/MH batteries [16].
The paper first gives a brief introduction to the structure of Ni/MH batteries and
the common experimental methods used in failure analysis. It then describes the
capacity loss mechanism under various conditions (temperature, rate, and storage
duration), and finally, presents methods for improving the cycle stability using six
approaches: improvement to cell design, negative and positive electrodes, separator,
electrolyte, and other components.
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2.2. Metal Hydride Alloys

MH alloys are the active component in the negative electrodes of Ni/MH batteries
and are capable of reversibly storing hydrogen in an electrochemical environment [17].
MH alloys with suitable metal-bond strengths for room-temperature electrochemical
application can be categorized as solid-solution and pseudo-binary inter-metallic
alloys, specifically A3B, A2B, AB, AB2, AB3, A2B7, and AB5, where A is one or a
combination of rare earth, alkaline earth, and light transition metal elements (Ti and
Zr) and B is from the group of transition metals (mainly Ni) [18]. Comparisons of
the general properties [19] and the high-rate potentials [20] of these alloy systems
are available. Out of the eight available alloy systems, four are discussed in this
Special Issue and are summarized as follows. Modifications of the A-site atom in
body-centered-cubic (bcc) solid-solution alloys increases the storage capacity [21].
The effects of the incorporation of Mg or Ce in the Laves phase-based AB2 MH
alloys are discussed in [22,23], respectively. Formula optimization [24] and A-site
substitution [25] in a series of Laves phase-related bcc alloys leads to a MH alloy
suitable for electrical vehicle applications (P37 in [13]). TiNi-based AB MH alloys
were investigated due to their low raw material costs and because they are free of
rare earth elements [19]. Density function theory has also been employed to study
the solubility of two ZrNi-based intermetallic alloys [26]. Last but not least, a new
concept of using nickel hydroxide as the anode for Ni–Ni batteries is discussed [27].
In addition to the eight papers focusing on MH alloys, the failure mechanisms of a
series of Co-substituted A2B7 superlattice alloys is discussed [28], and initial research
activities focused on an Mg-based AB MH alloy can be found in the paper discussing
the contribution of various hydroxides in the electrolyte [29].

2.3. Electrolyte

Part of the high-rate charge/discharge capabilities in Ni/MH batteries originates
from the use of highly conductive alkaline electrolytes (30–35 wt% KOH). However,
the highly corrosive nature of these electrolytes limits the choice of MH alloys.
For example, extremely low cycle stabilities have been reported with Mg- [30,31] and
V-containing [32] MH alloys. Therefore, studies focused on balancing corrosion and
conductivity in the electrolytes were conducted through the choice of hydroxides [29]
and salt additives [33]. In addition, the use of ionic liquid to replace alkaline
solution as electrolyte was shown to be effective in reducing corrosion, which allowed
attempts to develop high-capacity Si-anodes [13].

2.4. Analytic Methodology

Many analytic tools have been applied during the research and development
of Ni/MH batteries. While analytical methods for MH alloy research can be found
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in one article [34], those involved in the failure analysis are summarized in a paper
in this Special Issue [16]. In this Special Issue, the many uses for transmission
electron microscopy (TEM) [35], electron backscatter diffraction (EBSD) [36,37],
and X-ray energy dispersive spectroscopy (EDS) elemental mapping in a scanning
electron microscope (SEM) [28], X-ray diffraction (XRD), and newly developed
electrochemical pressure–concentration–temperature (PCT) measurements [38] were
demonstrated to be effective for investigations into the microstructures and various
mechanisms in electrochemistry and hydrogen gas–solid interactions. TEM results
for a Si-doped AB2 MH alloy [35] revealed a highly catalytic surface/interface
microstructure which accounts for the superior low-temperature performance of
the alloy and varies greatly from the conventional nano-Ni clusters embedded in
surface oxide model [39,40]. The alignment in the crystallographic orientations of the
constituent phases revealed by the EBSD technique [36,37] confirm the cleanness of
the interface, which is therefore capable of generating synergetic effects and boosting
the electrochemical performance of the multi-phase MH alloy systems [25]. A study
comparing gaseous phase PCT and electrochemical PCT further distinguishes the
synergetic effects in both environments [38]. The last paper exhibits a combination of
analytic tools—including inductively coupled plasma, XRD, SEM, and EDS—to study
the failure mechanism of AB5 and A2B7 MH alloys after cycling at high temperature
in a sealed-cell configuration [28].

3. Conclusions

The joint research efforts from BASF-Ovonic and their collaborators (2015–2016)
are highlighted here through nineteen papers focused on the area of Ni/MH batteries
in this Special Issue of Batteries. It has been demonstrated that achieving equalization
of the energy density in the pack level between Ni/MH and rival Li-ion batteries
is possible through the use of advanced components obtained from these studies.
Future research will be focused on high-capacity Si-anodes, choice of high-voltages,
multi-electron transfer cathodes, and implementation of the pouch cell design with
the use of ionic liquid as the electrolyte.
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A Technical Report of the Robust
Affordable Next Generation Energy
Storage System-BASF Program
Kwo-hsiung Young, K. Y. Simon Ng and Leonid A. Bendersky

Abstract: The goal of the Robust Affordable Next Generation Energy Storage System
(RANGE)-BASF program is to provide an alternative solution for the energy storage
media that powers electric vehicles other than the existing Li-ion battery. With the
use of a rare-earth-free metal hydride (MH) as the active negative electrode material,
together with a core-shell type alpha-beta nickel hydroxide as the active positive
electrode and a sealed pouch design, an energy density of 145 Wh¨ kg´1 and cost
model of $120 kWh´1 are shown to be feasible. Combined with the proven safety
record and cycle stability, we have demonstrated the feasibility of using a Ni-MH
battery in EV applications.

Reprinted from Batteries. Cite as: Young, K.-h.; Ng, K.Y.S.; Bendersky, L.A.
A Technical Report of the Robust Affordable Next Generation Energy Storage
System-BASF Program. Batteries 2016, 2, 2.

1. Introduction

On 21 August 2013, the US Department of Energy Advanced Research Projects
Agency-Energy (ARPA-E) announced an award of $3,873,537 to BASF under the
Robust Affordable Next Generation Energy Storage System (RANGE) program [1].
The program was designed for a two-year period with BASF being the primary
award recipient with partners from Wayne State University (WSU), the National
Institute of Standards and Technology (NIST), and Strategic Analysis, Inc. (SAI). Dr.
Ping Liu was the program director and stated in his review article that his goal for
the RANGE program was to develop low-cost and/or high-specific-energy storage
redox chemistries [2].

In 1999, Ni/MH batteries using an AB2 metal hydride (MH) alloy were used
to power EV1, which was the first commercialized EV made by General Motors
Auto Co. With a Ni/MH pack of 26.4 kWh onboard, EV1 has a drive range of
160 miles between charges (which may take up to 8 h) [3]. The specific energy of
Ni/MH battery used in EV1 was only about 52 Wh¨ kg´1. Since then, 15 years of
continuous development in the Ni/MH technology has substantially improved both
specific energy [4] and cycle stability [5]. Ni/MH battery has a relatively high energy
density (Wh¨ L´1) but a rather low specific energy (Wh¨ kg´1) when compared to
the rival Li-ion battery because of its high density of active materials in the anode
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(nickel-based alloys versus graphite). MgNi-based MH alloy is one of the candidates
to replace the current rare-earth-metal-based AB5 and A2B7 MH alloys because of
the low cost, low density, and high hydrogen storage capacity [6]. However, it
also suffers from severe oxidation in the conventional 30 wt% KOH electrolyte (AB
(MgNi) Old in Figure 1).

Therefore, in order to implement the high-capacity MgNi-based MH alloy in
the EV application, a thorough study of the electrolyte is needed. The tasks outlined
before the start of the program are illustrated in Figure 2.Batteries 2016, 2, 2 2 of 14 
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hydrogen combustion synthesis; and CVD: chemical vapor deposition. 

Figure 1. Electrochemical discharge capacity obtained in the flooded cell
configuration with a very low discharge current density (4 mA¨ g´1) for six
commonly used metal hydride (MH) alloys used as active materials in the negative
electrode. The mischmetal-based AB5 alloy is the most used negative electrode
material in today’s commercial Ni/MH batteries. The AB (MgNi) Old was
measured with a conventional 6M KOH, while the AB (MgNi) New was measured
with a 1 M KOH + 1M NaOH electrolyte.

The scope of Task 1 focuses on the development of high-capacity MH alloys,
which includes MgNi, BCC, and Si, as shown in Figure 3.

Task 2 is to develop an alternative electrolyte system to reduce the corrosive
nature and possibly to expand the redox reaction voltage window (Figure 4). Task 3
is to develop high-capacity cathode active materials for the conventional alkaline
electrolyte and the newly developed organic solvent/ionic-liquid-based electrolyte.
Task 4 is to integrate these advanced materials in a 100-Ah cell developed for EV
application (C/3 charge and discharge rates). Finally, Task 5 is designed to facilitate
the commercialization of the Ni/MH battery for EV application. Three risk mitigation
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(RM) plans were included: RM-A was to investigate carbon-based (carbon nanotube,
graphite, and graphene) anode material; RM-B was to use perovskite oxide as the
solid electrolyte; and RM-C was to develop non-hydroxide-based cathode material
for the organic electrolyte. As for the contributions from different partners, NIST will
support the microstructural analysis in Tasks 1 and 3, WSU will play an important
role in Tasks 2 and 3, and SAI will focus on Task 5.
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2. Technical Achievements

2.1. Metal Hydride Alloy in Negative Electrode

In the development of negative electrode (anode), five MH systems, MgNi,
Mg2Ni, BCC-C14, pure BCC, and Si, were investigated according to the original
plan (Figure 3). Results of capacities are summarized in Table 1. MgNi (AR3:
Mg52Ni39Co3Mn6) prepared by a melt-spinning and mechanical alloying (MA)
process showed a good low-rate capacity but failed when the discharge current
increased to 100 mA¨ g´1. We tried five crystalline Mg2Ni alloys doped with Cr, Co,
Mn, and Si and the electrochemical results were disappointing. The BCC-C14 alloys
went through a sequence of composition refinements [7–11] and the final champion,
P37 with a composition of Ti14.5Zr1.7V46.6Cr11.9Mn6.5Co1.5Ni16.9Al0.4, showed the
highest capacity under a 100 mA¨ g´1 discharge current, with a comparable cycle
stability to AB5 (Figure 5).

Table 1. Electrochemical discharge capacities (mAh¨ g´1) for MH alloys developed
in the RANGE-BASF program. AR3: Mg52Ni39Co3Mn6.

Alloy system Alloy No. Capacity @8 mA¨ g´1 Capacity @100 mA¨ g´1

MgNi AR3 501 67
Mg2Ni Mg66Ni31Mn3 18 147

BCC-C14 P12 460 259
BCC-C14 P37 414 400
Pure BCC P08 408 340

Si CVD a-Si:H >3635 >3635

The transmission electron microscope (TEM) study on a complicated
multi-phase BCC-C14 MH alloy (P7) shows clean boundaries between Laves C14,
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TixNiy (B2 structure) and BCC structures (Figure 6). This clean phase boundary
facilitates the hydrogen diffusion through the bulk of the alloy.
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Figure 5. (Left) Comparison of capacities between P37 (BCC-C14 mixed phased)
and AB5 (conventional) MH alloys in the first 40 cycles; and scanning electron
microscopy (SEM) micrographs of the (upper right) P37 and (lower right)
AB5 corners.
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Figure 6. Transmission electron microscope (TEM) study of BCC-C14 alloy (P7):
(a) TEM micrograph showing dendrites of phase 1 (P1) and an interdenritic region
consisting of two phases shown in enlargement (b) as P2 and P3; (c) selected area
electron diffraction patterns from different phases in (b) show that P1 is disordered
BCC, P2—Laves C14, and P3—ordered BCC (proved to be B2 after tilting to [011]
zone axis.
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The further electron backscattering diffraction (EBSD) study of the same sample
reveals the crystallographic orientation dependences among various constituent
phases (Figure 7), which is more evidence that shows clean grain boundaries among
various phases in the alloy.
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Figure 8. Cross-section SEM micrographs of (a) an a-Si:H thin film prepared by CVD and (b) an a-
Si:H:C thin-film prepared by physical vapor deposition (PVD). 

 
Figure 9. Charge-in and charge-out as functions of cycle number for an a-Si:H thin-film electrode 
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Figure 7. (a–c) Three BCC and (d–g) four C14 electron backscattering diffraction
(EBSD) patterns collected from various grains on a typical BCC-C14 alloy (P7)
with the computer generated matching orientation information. A few alignments
in crystallographic orientation can be identified. For example, the <100>BCC in
Figure 7c is aligned with the <0001>C14 in both Figure 7d,e.

In the pure BCC MH alloy, the electrochemical discharge capacities increased
from 408 mAh¨ g´1 [12] to 639 mAh¨ g´1 with optimizations in composition, process,
and the electrolyte combination [13]. Finally, the Si-based thin film work showed the
highest capacity of 3635 mAh¨ g´1 [14]. Both chemical vapor deposition (CVD) and
physical vapor deposition (PVD) were employed to grow amorphous Si thin-films
on the substrate (Figure 8). The high capacity and cycle stability of the Si-electrode
can be seen in Figure 9.

Besides those five MH systems in Figure 3, we also studied other alternative
negative electrode materials and received some unexpected results, such as
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370-mAh¨ g´1 discharge capacity from perovskite oxide and 55-mAh¨ g´1 discharge
capacity from an electrode containing NiCoMn(OH)6.
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Figure 8. Cross-section SEM micrographs of (a) an a-Si:H thin film prepared by
CVD and (b) an a-Si:H:C thin-film prepared by physical vapor deposition (PVD).
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Figure 9. Charge-in and charge-out as functions of cycle number for an a-Si:H
thin-film electrode prepared by CVD.

2.2. Development in Electrolyte

The electrolyte research in RANGE-BASF started from the modifications to the
currently used 30 wt% KOH aqueous solution with different hydroxides and various
salt additives to reduce the corrosion and then expanded to ionic liquid (IL) for
the expansion of voltage window, which proved difficult with the current alkaline
system. Three other directions highlighted in the original plan (Figure 4) faced
different challenges and only exhibited marginal improvement over the currently
used electrolyte.

Results from different hydroxides can be summarized by plotting the degradation
in the first 15 cycles (normalized to that observed in 30 wt% KOH) in the MgNi alloy
versus the conductivity in Figure 10. In general, we found the corrosion capability
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in various hydroxides in this sequence: LiOH > RbOH > KOH > NaOH > CsOH >
TEAOH (tetraethylammonium hydroxide) [15]. The corrosion rate is closely related
to the chemical activity of the hydroxide (as indicated by its oxidation potential, for
example). TEAOH opens the window to other organic basic chemicals, which are
currently under investigation. When a less corrosive electrolyte (1 M KOH + 1 M
NaOH) was used, the cycle stability of MgNi alloy improved substantially as seen
from Figure 1 (pink curve).
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More than 50 soluble salts were tested as additives to the 6 M KOH electrolyte,
and their performance results are summarized in Figure 11. The degradation rate
was obtained from the first 15 cycles. The initial capacity and degradation of the
MH alloy correlate well with the reduction potential of the alakine cations and radii
of the halogen anions. A synergistic effect between KOH and some oxyacid salt
additives was observed and greatly influenced by the nature of the salt additives [16].
The decrease in the degradation of the electrodes and the increase in the discharge
capacity can be sttributed to two sources: a solid film formed on the MH alloy surface
and a faster ionic conduction in the modified electrolyte [16]. In the end, we identified
NaC2H3O2, KC2H3O2, K2CO3, Rb2CO3, Cs2CO3, K3PO4, Na2WO4, Rb2SO4, Cs2SO4,
NaF, KF, and KBr to be responsible for increasing the corrosion resistance of the
MgNi alloys [16].

The reason why Ni/MH has a lower specific energy compared to Li-ion battery
is mainly because of the relatively low voltage (1.3 V versus 3.7 V) limited by the
electrolysis voltage of water. The tandard electrode potential and discharge specific
capacity of these two batteries are compared in Table 2. In order to make a direct
comparison, standard hydrogen electrode (SHE) is used as the reference electrode,
which is 0.1 V lower and 3.0 V higher than the commonly used Hg/HgO and Li-metal
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(Li/Li+) reference electrodes, respectively. On the cathode side, the Li-ion battery
uses the +3/+4 oxidation state change in transition metals, which is 0.2 V higher than
the +2/+3 oxidation state change in Ni/MH battery. The oxygen gas evolution limits
the selection of cathode materials in Ni/MH battery. Likewise, the selection of anode
materials for the Ni/MH battery is limited by the hydrogen gas evolution (´0.83 V
versus SHE). The difference in specific capacities between Li-ion and Ni/MH batteries
is much smaller compared to the difference in cell voltage. Therefore, increasing
the cell voltage is one of the primary goals for the electrolyte development in
RANGE-BASF. However, in the study with the conventional 30 wt% KOH electrolyte,
only the addition of the anode materials collected from a commercial Ni-Zn battery
showed a 0.2 V expansion on the anode side. Other Zn- and Pb-containing additives
showed no effect in expanding the voltage window of the KOH electrolyte, which
pushed us to pursue the IL.
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ILs are liquids consisting exclusively of cations and anions and exhibit
superior physicochemical properties such as low melting points, high thermal
and electrochemical stability, high ionic conductivity, negligible vapor pressure,
and non-inflammability, which make them ideal candidates for electrochemical
applications. After screening a few combinations of ILs and anhydrous acids, we
found that the mixture of aprotic [EMIM][Ac] (1-ethyl-3-methylimidazolium acetate,
structure shown in Figure 12) and glacial acetic acid was a suitable candidate to
replace the conventional electrolyte (30 wt% KOH in H2O) [17]. Acid is needed in
aprotic IL to supply the protons to carry the charge.
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Table 2. Comparison of conventional cathode and anode used in Li-ion and Ni/MH
batteries. SHE: standard hydrogen electrode.

Electrode Potential (vs. SHE) Capacity (mAh¨ g´1)

Cathode in Li-ion 0.7 V 230
Cathode in current Ni/MH 0.5 V 280

Cathode in future Ni/MH (Mn) 1.5 V 1116
Anode in Li-ion ´3.0 V 330

Anode in current Ni/MH ´0.8 V 320
Anode in future Ni/MH (Si) ´1.0 V 3635
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A cyclic voltammogram (CV) of an AB5 electrode in 2 M acetic acid in
[EMIM][Ac] shows a 0.6 V separation between the hydride reduction and hydrogen
gas evolution peaks (Figure 13a). Using [EMIM][Ac]/Ac mixtures electrolyte, we are
able to study the Si-anode in this non-aqueous system since a-Si is highly reactive
with the KOH electrolyte [18].
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Other development efforts in the electrolyte area include adding a Nafion coating on
the negative electrode to reduce corrosion, and replacing aqueous electrolyte with solid
polymer membrane (300 mAh¨ g´1, Figure 14a,b) or gel (320 mAh¨ g´1, Figure 12c), or
non-aqueous 1 M triflic acid in PC:DMC (propylene carbonate:dimethyl carbonate) =
1:1 (50 mAh¨ g´1).
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2.3. Development in Positive Electrode

The development work on the positive electrode (cathode) started from the
expansion of the oxidation swing window. Because of the limit from the oxygen gas
evolution competition, the redox reaction for Ni(OH)2 is conventionally between +2
and +3 oxidation states (Figure 15).
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Figure 15. Changes in the oxidation states in Ni with different chemical
reaction. Reactants in green boxes are used in the conventional Ni-based
rechargeable batteries, while those in pink boxes are avoided to prevent electrode
swelling/disintegration. The one in the blue box is the key element in the
high-capacity positive electrode study in the RANGE-BASF program.

The Pourbaix diagram of Ni shows the +3/+4 redox reaction happens at about
0.2 V above the oxygen gas evolution potential (Figure 16). The γ-NiOOH is
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known to have a higher oxidation state (+3.3 or higher) but is still allowed in the
aqueous solution [19]. However, transformation from β-Ni(OH)2 into α-Ni(OH)2

requires insertion of a water layer between the NiO2 planes, which causes a
swelling/disintegration of the positive electrode and is avoided by the addition
of Zn or Cd [20].
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Figure 16. Pourbaix diagram showing different oxidation states of Ni at different
voltages vs. standard hydrogen electrode (SHE). The red line corresponds to the pH
value of the 30% KOH electrolyte. Oxidation states in yellow boxes are well-known,
while the one in the blue box is the focus of the RANGE-BASF study.

In the RANGE-BASF program, we developed a continuous process to fabricate
core-shell α-β Ni(OH)2 (WM12) with a 50% increase in specific capacity and good
cycle stability (Figure 17).

The X-ray energy dispersive spectroscopy (EDS)/scanning electron microscopy
(SEM) study shows a higher Al (an α-phase promoter) content at the surface
(Figure 18).
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Figure 17. (a) Capacity comparison between core-shell α-β WM12 and conventional
β-Ni(OH)2 AP50 spherical particles. SEM micrographs of two materials: (b) WM12
and (c) AP50. Instead of a relative smooth surface of AP50, WM12 shows a very
rough surface with a high reaction surface area.
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Figure 19. (a) TEM micrograph of a cross-section of core-shell WM12 Ni(OH)2; and (b) the 
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Table 3. Design matrix and results for batch process prepare Ni(OH)2 performed in Wayne State 
University (WSU). 

Parameter Ni-1 Ni-2 Ni-3 Ni-4 

Preparation 
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precipitation 
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precipitation 
Homogeneous 
precipitation 

Homogeneous 
precipitation 

Precipitants KOH 
NaOH, Na2CO3, 
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Figure 18. Cross-section SEM micrograph of the continuous process prepared
WM12 Ni(OH)2, showing that the core (β)-shell (α) structure has different
Al-contents, as shown in the X-ray energy dispersive spectroscopy (EDS) results in
the inset.

A TEM micrograph from the cross-section of a core-shell WM12 Ni(OH)2

is shown in Figure 19a. The corresponding electron yields across the diffraction
resembling the X-ray diffraction (XRD) patterns are shown in Figure 19b to show
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the microstructure of β-core and α-shell. The as-prepared material is purely β-phase
Ni(OH)2. During activation, the core with less Al remains the β-phase and the shell
turns into α-phase with a higher Al-content. The surface is very fluffy, which allows
α-phase to grow without disintegration. Besides the continuous process, WSU also
developed batch processes to fabricate α-Ni(OH)2 (Table 3).
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Figure 19. (a) TEM micrograph of a cross-section of core-shell WM12 Ni(OH)2; and
(b) the corresponding electron yield across diffraction patterns.

Table 3. Design matrix and results for batch process prepare Ni(OH)2 performed in
Wayne State University (WSU).

Parameter Ni-1 Ni-2 Ni-3 Ni-4

Preparation Single-step
precipitation

Multi-step
precipitation

Homogeneous
precipitation

Homogeneous
precipitation

Precipitants KOH

NaOH,
Na2CO3,
NH4OH,
NH4Cl

Urea, Tween-20 Urea

Composition 100% Ni 86% Ni, 14% Al 86% Ni, 14% Al 86% Ni, 14% Al

Structure β-Ni(OH)2 α-Ni(OH)2 α-Ni(OH)2 α-Ni(OH)2

Activation cycles 6 5 12 11

Maximum capacity
(mAh¨ g´1) 260 346 305 310

Since the material is α-phase before cycling, it does not go through the β-α
transition. Therefore, the integrity of the Ni(OH)2 particle is preserved (Figure 20),
and the capacity is very stable (Figure 21). XRD analysis verifies the α-phase structure
in both the pristine and cycled materials (Figure 22).
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potential shows an additional plateau at about 0.8 V versus standard AB5 negative electrode, which 
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a batch co-precipitation process.
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In this program, we also investigated the possibility of further reducing
α-Ni(OH)2 into +1 or even lower oxidation state to maximize the range of redox
reaction (Figure 16). Discharge into lower potential shows an additional plateau at
about 0.8 V versus standard AB5 negative electrode, which may be related to the +1
oxidation state of Ni, as demonstrated in the literature [21]. The combined number
of electron-transfer per Ni atom may exceed 1 when properly activated (Table 4).

Table 4. Discharge specific capacity (Q) and the number of electrons transferred
during the redox reaction per Ni atom (Ne) for the first 11 cycles for the
Ni(OH)2 samples developed in the RANGE-BASF program. QControl, QS1, QS2

and QS3 are the discharge specific capacities of the control sample (Ni0.91Co0.045

Zn0.045(OH)2), Sample 1 (Ni0.94Co0.06(OH)2), Sample 2 (Ni0.85Co0.05Al0.10(OH)2)
and Sample 3 (Ni0.69Co0.05Zn0.06Al0.20(OH)2) for a discharge current density of
25 mA¨ g´1, respectively.

Cycle number 1 2 3 4 5 6 7 8 9 10 11

QControl (mAh¨ g´1) 150 180 198 215 228 235 240 243 240 244 238
Ne 0.59 0.71 0.78 0.85 0.90 0.93 0.95 0.96 0.95 0.97 0.94

QS1 (mAh¨ g´1) 95 119 141 139 148 149 163 143 245 423 343
Ne 0.36 0.45 0.54 0.53 0.56 0.57 0.62 0.55 0.93 1.61 1.31

QS2 (mAh¨ g´1) 172 216 238 234 243 270 335 635 599 463 259
Ne 0.69 0.86 0.95 0.94 0.97 1.08 1.34 2.54 2.39 1.85 1.03

QS3 (mAh¨ g´1) 152 175 190 223 379 530 426 365 329 296 236
Ne 0.71 0.82 0.89 1.04 1.77 2.48 1.99 1.70 1.54 1.38 1.10

2.4. Cell Assembly

Three types of test fixtures were used in the RANGE-BASF program. The
first one is a conventional open-air flooded half-cell plastic bag with two or three
terminals sandwiched between two pieces of acrylic plates (Figure 23a). The second
is a sealed three-terminal Swagelok T-type cell (Figure 23b). The third port (top) can
be connected to a reference electrode, a pressure relief value, or a pressure transducer.
The third one is a sealed pouch-type full-cell that uses the same materials as those
used in the Li-ion pouch cell (Figure 23c).

The Ni/MH pouch cell has the advantage of easy fabrication and high specific
energy density [20]. The development of the pouch cell took about a month, and a cell
with a specific energy of 127 Wh¨ kg´1 was developed in the end with a conventional
AB5 MH alloy and newly developed WM12 active materials (Figure 24).
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specific energy density from 1 January to 20 February 2015 in BASF-Ovonic.

After applying the newly developed P37 MH alloy, we expect a specific energy
of 145 Wh¨ kg´1 can be realized in a 100-Ah pouch-type Ni/MH battery (Table 5).

Table 5. Design of a 100 Ah pouch-type Ni/MH battery with the cell dimension
of 20 ˆ 12 ˆ 1.8 cm3 and an N/P ratio of 1.2. Total cell weight is 826 g and
the projected gravimetric and volumetric energy densities are 145 Wh¨ kg´1 and
278 Wh¨ L´1, respectively.

Cell
component

Active
weight (g)

Additives
weight (g)

Substrates
weight (g)

Total
weight

(g)

Area
(cm2)

Positive
electrode 303 34 69 406 1060

Negative
electrode 316 0 23 339 1060

Separator - - - 13 -
Ni-tab - - - 4 -

Electrolyte - - - 52 -
Pouch (Al foil) - - - 12 -
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3. Conclusions

Throughout this RANGE-BASF program, we discovered a lot of new materials
and processes and came up with new directions for future development of the
Ni/MH battery, which resulted in 22 US Patent Applications. In our opinion, the
advancement of the Ni/MH battery in this one-and-a-half-year period exceeds what
had been previously accomplished. The next generation of Ni/MH based on the P37,
WM12, and pouch design should generate a battery with higher specific energy on
a pack-level that considers savings in battery- and thermal- management systems
(Figure 25). We will continue to apply these results to the product, and further the
research of ILs and novel cathode material areas, which will further improve the
specific energy and power of Ni/MH to a level competitive with the Li-S battery
(Figure 25).
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Figure 25. Current and future development goals of the next-generation Ni/MH
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RANGE-BASF program, such as WM12 and P37, the organic electrolyte NiMH will
employ IL, the Si-based anode, and the Mn-based cathode.
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Reviews on the U.S. Patents Regarding
Nickel/Metal Hydride Batteries
Shiuan Chang, Kwo-hsiung Young, Jean Nei and Cristian Fierro

Abstract: U.S. patents filed on the topic of nickel/metal hydride (Ni/MH) batteries
have been reviewed, starting from active materials, to electrode fabrication, cell
assembly, multi-cell construction, system integration, application, and finally
recovering and recycling. In each category, a general description about the principle
and direction of development is given. Both the metal hydride (MH) alloy and
nickel hydroxide as active materials in negative and positive electrodes, respectively,
are reviewed extensively. Both thermal and battery management systems (BMSs) are
also discussed.

Reprinted from Batteries. Cite as: Chang, S.; Young, K-h.; Nei, J.; Fierro, C. Reviews
on the U.S. Patents Regarding Nickel/Metal Hydride Batteries. Batteries 2016, 2, 2.

1. Introduction

The nickel/metal hydride (Ni/MH) battery is an essential electrochemical
device for consumer, propulsion, and stationary energy storages. Since its commercial
debut in the late 1980s, many researchers have worked diligently in the Ni/MH
battery field. Their contributions were publicized through two routes: academic
publications and patent applications. While there are several key reviews available
on the former [1–16], there is not one on the latter. Therefore, we have organized and
summarized the patents related to Ni/MH battery technology in the current review
and its companion—Reviews on the Japanese Patents Regarding Nickel/Metal
Hydride Batteries [17].

2. Results

As shown in Figure 1, the current review is divided into six categories in the
chronological order of technology development, which are active materialsÑ electrode
fabrication Ñ cell assembly Ñ multi-cell construction Ñ system integration Ñ
application. Because of the extremely large number of U.S. patents on these subjects,
we have selected and presented the most representative patents historically and
technologically in the current review. More related U.S. patent documents can be
found on each U.S. patent presented here.
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Figure 1. Content of this paper. MH: metal hydride. 

2.1. Active Materials 

The half-cell electrochemical reaction for the negative electrode is: 

M + H2O + e− ⎯⎯→←⎯⎯  MH + OH− (forward: charge, reverse: discharge) (1)

where M is a hydrogen storage alloy capable of storing hydrogen reversibly and MH is the 
corresponding metal hydride (MH). During charge, applied voltage splits water into protons and 
hydroxide ions. Driven by the voltage and diffusion caused by the concentration difference, protons 
enter into the bulk of the alloy and then meet with electrons from the current collector, which is 
attached to a power supply. During discharge, protons at the alloy surface recombine with hydroxide 
ions in the electrolyte. Electrons are injected into the circuit load through the current collector in order 
to maintain charge neutrality in the negative electrode. 

The counter reaction for the negative electrode is: 

Ni(OH)2 + OH− ⎯⎯→←⎯⎯  NiOOH + H2O + e− (forward: charge, reverse: discharge) (2)

where Ni(OH)2 is the active material going through +2/+3 oxidation state change during the 
electrochemical reactions. During charge, protons deprived of Ni(OH)2 move to the surface of the 
positive electrode because of the applied voltage and recombine with hydroxide ions in the 
electrolyte. In order to maintain charge neutrality, electrons are injected into the power supply 
through the current collector. During discharge, water at the surface of the positive electrode splits 
into protons and hydroxide ions. Protons then enter into NiOOH and neutralize with electrons 
through the load to complete the circuit with the negative electrode. Shown in the net reaction 
Equation (3), charge/discharge reaction does not change the overall hydroxide concentration/pH 
value, which is different from the working principle of Ni/Cd battery Equation (4). 

M + Ni(OH)2 ⎯⎯→←⎯⎯  MH + NiOOH (forward: charge, reverse: discharge) (3)

Cd(OH)2 + 2Ni(OH)2 ⎯⎯→←⎯⎯  Cd + 2NiOOH + 2H2O (forward: charge, reverse: discharge) (4)

Both the inventions and further developmental works of MH alloy and Ni(OH)2 are presented 
in the next two sections. 

2.1.1. Metal Hydride Alloys in the Negative Electrode 

Klaus Beccu contributed to the earliest patent using MH alloy as an active material in the 
negative electrode to construct a Ni/MH battery in 1970 [18]. The alloy used had a composition of 
Ti85Ni10Cu3V2 (in wt%), which was later expanded to any hydride of the third, fourth, or fifth group 
of transition metal (for example, Ti) [19]. Two types of MH alloys were used in the first 
commercialized Ni/MH batteries introduced in 1989. While Japanese companies such as Matsushita 
[20–22] (later changed its name to Panasonic), Toshiba [23], Sanyo [24,25], and Yuasa [26] used the 
misch metal-based (mixtures of light rare earth elements such as La, Ce, Pr, and Nd) AB5 MH alloy, 
the Ovonic Battery Company (OBC, Troy, MI, USA) chose the transitional metal-based AB2 MH alloy 
as the active material in the negative electrode. General properties of these two alloy families are 
listed in Table 1. The AB5 MH alloy eventually dominated the market due to the substantially lower 
price of misch metal since 2000. 
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2.1. Active Materials

The half-cell electrochemical reaction for the negative electrode is:

M ` H2O ` e´ Ô MH ` OH´ pforward : charge, reverse : dischargeq (1)

where M is a hydrogen storage alloy capable of storing hydrogen reversibly and
MH is the corresponding metal hydride (MH). During charge, applied voltage splits
water into protons and hydroxide ions. Driven by the voltage and diffusion caused
by the concentration difference, protons enter into the bulk of the alloy and then
meet with electrons from the current collector, which is attached to a power supply.
During discharge, protons at the alloy surface recombine with hydroxide ions in the
electrolyte. Electrons are injected into the circuit load through the current collector in
order to maintain charge neutrality in the negative electrode.

The counter reaction for the negative electrode is:

NipOHq2 ` OH´ Ô NiOOH ` H2O ` e´ pforward : charge, reverse : dischargeq (2)

where Ni(OH)2 is the active material going through +2/+3 oxidation state change
during the electrochemical reactions. During charge, protons deprived of Ni(OH)2

move to the surface of the positive electrode because of the applied voltage and
recombine with hydroxide ions in the electrolyte. In order to maintain charge
neutrality, electrons are injected into the power supply through the current collector.
During discharge, water at the surface of the positive electrode splits into protons
and hydroxide ions. Protons then enter into NiOOH and neutralize with electrons
through the load to complete the circuit with the negative electrode. Shown in the
net reaction Equation (3), charge/discharge reaction does not change the overall
hydroxide concentration/pH value, which is different from the working principle of
Ni/Cd battery Equation (4).

M ` NipOHq2 Ô MH ` NiOOH pforward : charge, reverse : dischargeq (3)

CdpOHq2 ` 2NipOHq2 Ô Cd ` 2NiOOH ` 2H2O pforward : charge, reverse : dischargeq (4)
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Both the inventions and further developmental works of MH alloy and Ni(OH)2

are presented in the next two sections.

2.1.1. Metal Hydride Alloys in the Negative Electrode

Klaus Beccu contributed to the earliest patent using MH alloy as an active
material in the negative electrode to construct a Ni/MH battery in 1970 [18]. The
alloy used had a composition of Ti85Ni10Cu3V2 (in wt%), which was later expanded
to any hydride of the third, fourth, or fifth group of transition metal (for example,
Ti) [19]. Two types of MH alloys were used in the first commercialized Ni/MH
batteries introduced in 1989. While Japanese companies such as Matsushita [20–22]
(later changed its name to Panasonic), Toshiba [23], Sanyo [24,25], and Yuasa [26]
used the misch metal-based (mixtures of light rare earth elements such as La, Ce, Pr,
and Nd) AB5 MH alloy, the Ovonic Battery Company (OBC, Troy, MI, USA) chose
the transitional metal-based AB2 MH alloy as the active material in the negative
electrode. General properties of these two alloy families are listed in Table 1. The
AB5 MH alloy eventually dominated the market due to the substantially lower price
of misch metal since 2000.

Table 1. Property comparison between the AB2 and AB5 MH alloy families. FCC,
1C/1C, and DOD denote face-centered-cubic, 1C charge and discharge rates, and
depth of discharge, respectively.

Property AB2 MH alloy AB5 MH alloy

Basic crystal structure Hexagonal C14 and FCC C15 Hexagonal CaCu5

Composition example Ti12Zr21Ni38V10Cr5Mn12Co1.5Al0.5 La10Ce5Pr0.5Nd1.5Ni60Co12Mn6Al5

Discharge capacity 340–440 mAh¨ g´1 300–330 mAh¨ g´1

High-rate
dischargeability Acceptable Excellent

Cycle life (1C/1C, 100%
DOD) 800 1200

Self-discharge Acceptable (V-free alloy) Acceptable

High-temperature
storage Acceptable due to leach-out Bad due to surface passivation

Activation Modest Easy

Low temperature Good Modest

Fabrication method Casting, hydriding, and grinding Casting and grinding

Raw material cost V is expensive Volatile due to rare earth
price fluctuation

Low-cost version V and Co-free alloy Pr, Nd, and Co-free alloy
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Discovery of the hydrogen storage capability of the rare earth-based AB5

intermetallic alloy was accidental [27]. Guegen [28] filed the first patent using
LaNi5 modified with Ti, Ca, Ba, Cr, and/or Cu with improved capacity as negative
electrode material in 1978. In 1984, Willems et al. [29] filed a patent adding Co
and/or Cu in LaNi5 to reduce the lattice expansion during hydride process and
consequently extending the cycle life. Based on the idea of utilizing misch metal in
AB5 for gaseous phase hydrogen storage originated by Osumi and his coworkers
in 1979 [30] and 1983 [31], Kanda and Sato from Toshiba [32] filed a U.S. patent
based on Mn, Al-modified misch metal-based AB5 MH alloy for Ni/MH battery in
1986. Subsequently, the Japanese companies filed many patents optimizing the AB5

formula (examples can be found in [17,33–42]) and finalized on using Co, Al, Mn,
and Ni as the B-site elements. OBC also filed a patent for adding Zr or Si to extend
the cycle life of Cu-containing AB5 MH alloy [43].

In the field of AB2 MH alloy, Gamo and his coworkers [44] from Matsushita filed
a patent about its gaseous phase hydrogen storage application in 1979, and Sapru
and her coworkers [45] at OBC filed the first patent for battery application in 1985.
Since then, many patents have been filed on the AB2 MH alloys for electrochemical
applications by OBC [46–55], Matsushita [56–58], and SAFT [59].

Other MH alloy families, including body-centered-cubic (BCC) solid
solution [60–62], BCC-AB2 composite [63,64], Mg, Ni-based alloy [65–68], TiNi [69],
and composite [70,71], were also proposed as negative electrode active materials;
however, they were not commercialized. The only MH alloy that successfully
succeeded AB2 and AB5 in commercialization is the A2B7 superlattice alloy [72–76].
Development works of the A2B7 MH alloy done in academia can be found in a
previous review article [10]. Several non-conventional MH alloy fabrication processes,
such as centrifugal casting [77], double-roller casting [78], melt-spin [34,79], gas
atomization [80], strip casting [81,82], and a chemical process using misch metal
oxide and/or hydroxide as raw material [83], have been patented as well, but only
strip casting is used for mass production besides the conventional induction melting.

Besides patents on a specific alloy family, there are several patents that contribute
across the board and independently of alloy selection. Sapru et al. [84] filed a patent
about the advantage of increasing the degree of disorder in a multi-component MH
alloy; as a result, the electrochemical performance is improved. Such material is
disordered and characterized as a composite of amorphous, microcrystalline, and
polycrystalline components lacking long-range compositional order and with three
or more phases [85]. Another group of patents not confined to a specific alloy
family addresses the structure designs of surface oxide, which is a catalyst for the
electrochemical reaction [52,86–88] (Figure 2).
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2.1.2. Nickel Hydroxide in the Positive Electrode

Soon after the Swedish inventor Waldemar Jungner filed a number of Swedish
and German Patents on the concepts of Ni/Cd and Ni/Fe batteries in 1899 [89],
a famous American inventor, Thomas A. Edison, filed several U.S. patents on Ni/Fe
and Ni/Cd rechargeable batteries utilizing nickel hydroxide as active material in
the positive electrode in 1901 [90,91]. The same chemistry, Ni(OH)2, has been
used as a positive electrode active material for the entire alkaline battery family
because of its high electrochemical reversibility, appropriate voltage (the highest
among several options but lower than the oxygen gas evolution potential), and low
cost. The original positive electrode used in Ni/MH batteries was inherited from
those in Ni/Cd and Ni/Fe batteries [92–95]. The electrode is manufactured by first
pasting filamentary Ni onto a substrate (such as perforated foil) and then “sintered”
under a high temperature annealing furnace in a nitrogen/hydrogen atmosphere,
where binders used in the pasting process are burned away to leave a conductive
skeleton of nickel with a typical average pore size of about 30 µm [96]. Next, a
chemical impregnation process is carried out to produce the active Ni(OH)2 by
consecutively dipping the electrode between the Ni(NO3)2 and NaOH baths [97,98].
This kind of Ni(OH)2 electrode is the sintered type. A new pasted type of positive
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electrode using spherical Ni(OH)2 particles together with the CoO additive (for
forming a CoOOH conductive network on the particle surface) was first patented by
Oshitani and his coworkers in Yuasa in 1989 [26,99], and soon became the mainstream
for Ni/MH battery due to its high volumetric and gravimetric energy densities. The
spherical particle is originally produced by a two-step batch chemical precipitation
process, which consists of ammonia complex formation and precipitation in two
different reactors. Later on, Fierro and his coworkers at OBC [100] developed a
continuous stirring single reactor process, and the smaller particles near the bottom
of the reactor and the larger ones are separated by the centrifugal force from a
bottom blade, leaving the container with an overflow (Figure 3). This method has
been widely adopted in today’s modern manufacturing. The produced spherical
Ni(OH)2 powder is then mixed with binders and pasted onto the Ni foam substrate
to form the pasted type of positive electrode. The main advantage of using the pasted
type of positive electrode is the increase in gravimetric energy density; however,
rate-capability, cycle stability, and cost are sacrificed.Batteries 2016, 2, 10 5 of 28 
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co-precipitate hydroxides of metals with similar solubilities, such as Co, Ni, and Zn.
1: Stainless-steel vessel; 2: mixer blade; 3: raw material inlet; 4: product overflow;
and 5: product container.

There are many patents modifying the basic Ni(OH)2 for performance
improvement, such as increasing utilization rate by chemical modification through
co-precipitation [25,101–111], promoting higher electron transfer per Ni atom by
introducing the gamma phase with an oxidation state between +3 and +4 [112–117],
alternating the microstructure by various process changes [118–120], and adding a
conductive coating on the Ni(OH)2 core [121]. Moreover, OBC filed four patents
regarding the incorporation of fine Ni fiber in the co-precipitation reactor for the
purpose of increasing the native conductivity of Ni(OH)2 [122–125]. The crystalline
size is an important indicator for the degree of disorder (density of stacking fault
along the c-axis) of Ni(OH)2 and affects the electrochemical performance, and an

36



evaluation method was patented by OBC [126]. In order to increase the conductivity
or resistance to poisoning, a core-shell type of structure obtained by sequential
precipitation or other coating methods was invented [108,124,125,127–129].

2.2. Electrode Fabrication

There are two electrodes in a typical Ni/MH battery, namely the negative
and positive electrodes, and they are made of MH alloy and nickel hydroxide,
respectively. During service (discharge), MH in the negative electrode is oxidized
into metal, and therefore the negative electrode is also called an anode. Furthermore,
the positive electrode can be termed a cathode since NiOOH is reduced to Ni(OH)2

during discharge.
Patents regarding electrode fabrications of both the anode and cathode, including

component, substrate, and construction, are discussed in the following sections.

2.2.1. Negative Electrode (Anode)

The negative electrode in a commercial Ni/MH battery can be fabricated by any
of the following methods: dry compaction, wet paste method, or dry paste method
(Figure 4).
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OBC filed a patent for its dry compaction manufacturing process in 1989 [130].
While the wet paste method was inherited from the conventional alkaline battery
technology, negative electrode fabrication by dry pasting onto the Ni foam through
brushing has gained popularity in just the last few years [131]. The pros and cons of
each method are summarized in Table 2.
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Table 2. Comparisons among three commonly used Ni/MH battery negative
electrode fabrication methods. Both the dry compaction and dry paste method can
be processed without a binder, and therefore the power density is higher from both
cases compared to that from the wet paste method.

Methods Pros Cons

Dry compaction
‚ Higher power density
‚ Lower cost and

simple process

‚ Difficult to control the
thickness precisely

Wet paste method
‚ Longer cycle life
‚ Lower cost

‚ Lower power density
‚ Complicated process

Dry paste method
‚ Simple process
‚ Higher power density

‚ Higher cost

Expanded Ni substrate is typically used for the dry compaction method to
reduce the burr that happens with the use of Ni mesh substrate. Ni-plated perforated
steel (NPPS) plate [132] and Ni foam are commonly used for the wet paste and dry
paste processes, respectively. Other types of substrates, such as porous Ni [133],
porous Cu [134], welded Cu [135], cellular metal [136], and conductive ceramic [137],
were also patented. Substrate-less electrode fabrication was also proposed, where
the active material is first mixed with a conductive metal and subsequently forms
the electrode without a substrate [138].

Additives such as carbon and metal powder can be added in the negative
electrode to increase the conductivity [139]. Other additives such as rare earth oxides
and GeO2 can be used to reduce the oxidation of the negative electrode [140,141].
Moreover, binders are required for the wet paste method, and many candidates were
patented in the past [142–144]. Polyvinyl alcohol is the most popular binder material
used in the negative electrode of Ni/MH battery.

In order to remove the passive oxide formed during powder fabrication and
form a thin, porous, and electrochemically active oxide on the surface of MH alloy,
activation is needed and can be executed at the powder or electrode level with
acid [145] or alkaline [146] or in the sealed cell during formation. Furthermore,
performing a controllable oxidation on MH alloy before fabricating it into electrode
is preferred for the purpose of reducing the native oxide thickness [147,148]. Also,
oxygen gas evolution during fast charge was found to be reduced by increasing
the final surface roughness [149]. A surface fluorination process was invented for
performance enhancement as well [150]. In terms of construction, an auxiliary
negative electrode was added to reduce the cell pressure of button cell [151].
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2.2.2. Positive Electrode (Cathode)

The most common type of positive electrode in today’s Ni/MH battery is
the pasted type. Spherical Ni(OH)2 co-precipitated with one or more additional
metal hydroxides (Co and Zn being the most common) is mixed with additives,
binder, and solvent (water, methanol, or ethylene glycol) to form a paste. The paste is
then applied to the Ni-foam substrate, calendared, and dried [152]. A continuous
positive electrode fabrication method was patented by OBC in 1994 [97]. The
active material in the tab area can be removed or avoided by water wash or
ultrasonic cleaning, using a pre-taped foam substrate [153] or reduction by hot
hydrogen [154]. Besides the commonly used Ni foam patented by Inco in 1990 [155],
metal foil [156], metal mesh [157], Ni mesh/fabric/metal fiber composite [158], and
Ni-plated porous Cu/Cu alloy skeleton [159] were also proposed as substrates.
Both non-conducting [160] and conducting binders [161] can be used. Since the
intrinsic conductivity of spherical particle is poor, a CoOOH conductive network
on the surface has been indispensable since the beginning of spherical Ni(OH)2

application [99], an idea originated from its use in the sintered electrode [162].
Conversion from Co2+ to Co3+ is usually completed in the sealed cell during the
formation process. Pre-oxidation of Co at the electrode level was also patented [163].
Modifications and improvements on the basic Co-compound additives were
proposed [23,102,127,164–169]. Other additives such as Ca compound [170], Mn
compound [171,172], Al compound [173], carbon [174], and silicate [175] were
patented as well. For high temperature application, oxides of rare earth elements
(Y2O3 and Yb2O3 being the most common) are added [176–178]. In today’s
commercial Ni/MH battery, Y2O3 is a must additive in the positive electrode. Besides
the pasting method, an electrodeless plating technique was proposed for applying
the active material onto the substrate, but it is not commercialized [179,180].

2.3. Cell Assembly

Several key areas such as components (negative and positive electrodes, current
collector, venting cap, case, electrolyte, and separator), construction type, design of
capacity ratio, and formation process need to be considered in order to complete
the cell assembly. The following sections summarize the patents concerning the
aforementioned items.

2.3.1. Cell Construction

There are five conventional designs of Ni/MH batteries, and a comparison
among them can be found in Table 3. Moreover, a new pouch type of Ni/MH
battery providing high energy density was recently proposed [181]. The cylindrical
type of Ni/MH battery is the most common and mainly used to replace the
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disposable primary battery. While the typical cylindrical cell is made by winding
the electrodes/separator spirally, a patent from Matsushita used the technique of
layering hollow cylindrical electrodes in the form of concentric circles to increase
the mutual facing area between the negative and positive electrodes [182]. Examples
of prismatic Ni/MH batteries can be found in patents filed by Energy Conversion
Devices Inc. (ECD) [183,184] and Toshiba [185–187] and show the most scalability
up to 1 kWh. The typical prismatic cells are composed of a stack of electrodes
with tabs welded together. Toyota filed a patent using a single piece of folded
electrode stack (one separator and multiple positive and negative electrode) in a
rectangular cell [188], similar to the design of GIGACELL developed by Kawasaki
Heavy Industry [189]. The case and electrode assembly may not be in the same shape.
For example, optimizing the amount of electrolyte by placing a spirally wound
electrode assembly in a rectangular casing was proposed [190]. A flat wafer cell,
similar in design to the coin cell [191], was patented with the use of conductive
carbon-filled polymeric outer layers as electrode contacts [192,193].

Table 3. Comparison among five common types of Ni/MH battery. SS: stainless
steel. EV: electric vehicle; and HEV: hybrid electric vehicle.

Type Description Pros Cons

Consumer
‚ Cylindrical
‚ SS case

‚ Mass production
‚ Compatible with other

alkaline batteries
‚ Size limitation

Stick
‚ Prismatic
‚ SS case

‚ Mass production
‚ Easy for integration

‚ Higher cost
‚ Lower

energy density

EV
‚ Prismatic
‚ SS case

‚ Large format (100 Ah)
‚ Hand assembly
‚ High cost

HEV
‚ Prismatic
‚ Plastic case

‚ High-volume mass production
‚ Lower

pressure rating
‚ Poor heat transfer

Coin
‚

Button-shaped
‚ SS case

‚ High-volume mass production
‚ Compact for medical application

‚ No vent
‚ Cannot be

scaled up

While only separators are placed between the adjacent negative and positive
electrodes in the typical Ni/MH cell construction, a special “bipolar” design
(originated from its use for a lead-acid battery [194]) also uses a metal sheet as
substrate for both electrodes (one side as negative electrode substrate and the other
side as positive electrode substrate) (Figure 5). This design substantially reduces
the contact resistance between adjacent cells [195–198]. Placing a hydrophobic layer
between two adjacent negative electrodes to reduce the hydrogen pressure buildup in
the cell is another special arrangement [199]. A monoblock of multi-cell assembly was
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designed to reduce the contact resistance and improve heat dissipation by integrating
flow channels within, which allows the gas or liquid coolant to flow between adjacent
cells [200]. A lightweight design where the electrode stacks are connected together
in a honeycomb structure was also proposed [201].
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Figure 5. Schematic diagrams of (a) regular three cells in series; and (b) a bipolar
design with three internal cells. +, ´, S, and M denote the positive electrode,
negative electrode, separator, and metal sheet, respectively.

2.3.2. Current Collector

Electrodes are connected to the terminals located outside of the cell casing
through current collectors. Conventional consumer-type of Ni/MH battery (for
application of up to 0.5C rate) uses a single Ni tab (or Ni-plated stainless steel (SS)
tab) to collect the current from each electrode. The negative tab is stapled onto the
negative electrode, and the positive tab is welded to the part of positive electrode
without active material (tab area cleaned by ultrasonic cleaning or water jet). Cu
was also proposed as the tab material [135]. Generally, the tab only connects to
one side of the electrode: in a cylindrical cell, the positive tab is on the top and
electrically connected to the safety valve, and the negative tab is on the bottom and
grounded to the case; in a prismatic cell, both the positive and negative tabs are
on the top. However, in a patent filed by Park, tabs on both sides of the electrode
were proposed to reduce the impedance [202]. Usually, the tab is directly connected
to the substrate, but there is also a patent suggesting the technique of folding the
end of the electrode, which provides a coupling surface for the connection to the
tab or terminal [203]. Matsushita [204–206], Sanyo [207], Yuasa [208], and Johnson
Controls [209] patented special current collector designs for high-power cylindrical
cells (for applications in power tool and hybrid electric vehicle (HEV)). Both laser
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welding [210] and electron beam welding [211] are popular techniques for welding
multiple pieces of tabs together.

2.3.3. Other Components

Other components essential to the construction of Ni/MH battery include a
safety vent, case, separator, and electrolyte. Most types of Ni/MH batteries require a
safety vent to manage the extra pressure buildup during high-rate charge and also
near the end of service life except a coin cell because of its special medical application
requirement. The original safety vent designs were inherited from those available for
the Ni/Cd battery. Through the years, companies such as ECD [212], Moltec [213],
Sanyo [214], Toyota [215,216], and Johnson Controls [217–219] proposed a variety of
improvements in the safety vent design. While the pressure limit in a cylindrical cell
is around 350–400 psi, in a prismatic cell it is reduced to 100–120 psi because of the
easy deformation of the case. Panasonic and Toyota together patented the idea of
using a hydrogen-permeable case to release the overpressure within of the cell [220].
Another special case design with multiple ridges on the outside was also developed
to improve the cooling performance and mechanical strength of the case [221].

Several different non-woven fabrics were proposed as separator materials
previously [222–229], and the most commonly used is the grafted polypropylene/
polyethylene type. Recently, a sulfonated separator [230] has become very
popular for low self-discharge application since it can trap the nitrogen-containing
compound in the cell, which is the main cause of the shutting effect that results
in self-discharge [231]. A ceramic, polymer, or composite separator capable of
conducting alkali ions was also proposed by Ceramatec [232,233], which can be used
to eliminate the cross-contamination of ions leached out from the negative electrode
onto the separator and positive electrode. Metal-organic framework, coordination
polymer, or covalent-organic framework can serve as separator as well [234]. While
most of the electrolyte works were performed in academia [235,236], there are several
patents in the area of electrolytes for the Ni/MH battery. For example, Toshiba
filed a patent for adding W- and Na-containing compounds to the electrolyte [237].
Certain separators can also serve as electrolytes, and they can be categorized into
the gel/polymer and solid types. Electrolyte leakage can be reduced by the use of
the gel/polymer type electrolyte. Motorola filed a patent with a KOH-dispersed
polyvinyl alcohol or polyvinyl acetate polymer electrolyte [238]. Furthermore,
Matsushita filed a patent on a gel electrolyte composed of a water absorbent
polymer, a water repellent, and an aqueous alkaline solution [239]. In the solid-state
battery field, silicon nitride [240], lithium nitride [241], halide [241], oxysalt [241],
phosphorus sulfide [241], and oxide with a perovskite structure [242] were suggested.
Among these, perovskite is the most promising. ABO3´δ perovskite, where A is a
rare earth or alkaline earth element with a large radius and B is an element with a
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smaller radius, is capable of proton conduction. The structure of such an oxide, if
prepared under proper conditions (e.g., acceptor-doped), is prone to a large density
of oxygen vacancies. When it reacts with water, oxygen from water occupies the
vacancy, and the remaining two protons are then attached to two separate oxygen
ions, which creates a proton-conducting path. The proton conductivity depends on
the vacancy density and also the distance between neighboring oxygen ions.

2.3.4. Cell Design

In a typical Ni/MH cell, an oversized negative electrode is needed to create an
overcharge reservoir (OCR) and an overdischarge reservoir (ODR) (Figure 6) [243,244].
OCR is created to absorb the hydrogen gas produced during overcharge and also
to provide a recombination center to react with the oxygen gas evolved from the
positive electrode. ODR is created to prevent oxidation of the negative electrode
during overdischarge (cell reversal). Typical negative-to-positive ratios (N/P) are
around 1.2 for a high-capacity cell, 1.4–1.6 for a consumer cell, and 1.8–2.2 for a
high-power cell [245]. Methodology for the N/P design can be found in several
patents [245–247].
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Figure 6. Schematic diagrams demonstrating the positive-limit cell design in
Ni/MH battery: (a) during regular operation (operating within the limit); (b) in the
state of overcharge, where the oxygen gas evolved from the positive electrode
recombines with the excess hydrogen stored in the negative electrode (OCR
prevents hydrogen evolution from the negative electrode); and (c) in the state
of overdischarge, where the hydrogen gas evolved from the positive electrode is
stored in the negative electrode (ODR prevents oxygen gas evolution from the
negative electrode). SOC: state of charge.
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ODR does not exist when the battery is first built. Later on, ODR starts to
increase due to oxidations of MH alloy (Equation (5)), Co(OH)2 (Equation (6)),
separator, and other metal components in the cell.

3M ` H2OÑMO ` 2M ` H2ÑMO ` 2MH passuming metal in ` 1 oxidation stateq (5)

CopOHq2 ` MÑCoOOH ` MH (6)

With further cycling, ODR continues to grow and suppresses OCR, and finally
the cell vents without the protection from OCR. Therefore, it is important to introduce
a “pre-charge” to the positive electrode in order to compensate for the increase in
ODR during formation when a low N/P is used [248,249].

2.3.5. Formation Process

After the cell is closed, a series of formation/activation is performed. The
process is composed of two parts: a thermal activation and an electrochemical
formation (Figure 7). Thermal activation dissolves the Co-compound additives in the
positive electrode and also dissolves the native oxide formed on the surface of MH
alloy during fabrication. Electrochemical formation applies several charge/discharge
cycles to crack the MH alloy and create new and electrochemically active surfaces,
and it also converts the dissolved Co into a CoOOH conductive network on the
surface of Ni(OH)2. Various formation schemes have been patented [250–254], but
they may need to be optimized to prevent cell venting. Also, it was shown that
keeping a low state of charge (SOC) during battery routine operation helps ensure a
long cycle life [251].

2.4. Multi-Cell Construction

The nominal voltage of a single Ni/MH cell is 1.2 V. In order to increase the
voltage, several cells have to be connected in series to form a multi-cell module.
For consumer use, a module composed of 4 (4.8 V) or 10 (12 V) cells is common.
For the propulsion application, multiple modules are assembled together to form
a pack. For example, the 1.3 kWh braking energy storage system for the Toyota
2010 HEV Prius (Generation IV) is composed of 168 cells in 28 modules, and each
cell is a 6.5 Ah Ni/MH prismatic cell [255]. Patents regarding the module and pack
constructions are reviewed in the following sections.
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Figure 7. Schematic diagrams showing the formation process of Ni/MH battery:
(a) before formation, where the MH alloy surface is covered with a thick native
oxide; (b) after thermal activation, where a new catalytic oxide with metallic Ni
embedded within is formed on the MH alloy surface, and bi-valent Co is dissolved;
and (c) after electrochemical formation, where new surfaces are formed due to MH
alloy cracking, and tri-valent Co conductive network is formed on the spherical
particle surface in the positive electrode.

2.4.1. Module Assembly

A module can be made of a series of reparably individual cells with metal [184,
256,257] or plastic cases [258], or it can be built with cells isolated by compartment
dividers in a single case [259]. Inter-cell conduction is the subject of a number of
patents [260,261]. Special module designs for cooling performance improvement
include strategic placement of thermally conductive case material and negative
electrodes [183] and adding coolant flow channels [262], heat exchanger [263,264],
or cooling fins [265,266] between adjacent cells. A compressible two-plate spacer
was designed to be placed between adjacent cells for module swelling reduction
during operation [267]. For smaller applications in cellphones [268], portable power
tools [269], and personal health devices [270], a multi-cell module is the final pack
integrated with other system components.
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2.4.2. Pack Assembly

When assembling several battery modules into a single pack, both the electrical
interconnection between modules and integrity of the connectors are very important.
While the former can be ensured by a dedicated welding methodology [271], the latter
can be secured by strategically filling the gaps between modules with packaging
material [272]. Thermal management of Ni/MH battery pack is also critical to achieve
a long service life, which can be done by using either forced air [273,274] or a liquid
coolant [275–277]. Moreover, the use of a heat sink is helpful to increase the thermal
dissipation rate of the battery pack [278].

2.5. System Integration

For application of a larger energy storage system (for example, in EV), many
sub-systems need to be integrated, such as a charging system, a battery management
system (BMS), a protection system, and a thermal management system (TMS), to
ensure a smooth and safe operation. Patents on these sub-systems are discussed in
the following sections.

2.5.1. Charging System

For consumer application, a charger is a separate unit from the battery. In the
early days, a different charger was needed for the Ni/MH battery but with a very
similar design principle. Later charger hardware improvements made charging both
Ni/Cd and Ni/MH batteries with the same charger possible. Numerous patents
regarding the portable charger hardware design are available [279–294]. Most of
the charging algorithms are composed of several different cut-off schemes, such as
∆T (temperature change), ´∆V (negative voltage change), dV/dt (voltage change
with time), dT/dt (temperature change with time), maximum input, and Vt (terminal
voltage) [295–320]. End-of-charge can also be detected by electronic circuit alone [321].
In order to fast charge, special hardware [322] and algorithms [323,324] are required.
For application in EV, the charging unit is integrated into BMS and is a part of
the system.

2.5.2. Battery Management System

When a large number of cells are used together, BMS is indispensable [325]. Even
in a portable power tool, the SOC estimation of Ni/MH battery is necessary [326].
Due to its high abuse tolerance, BMS for Ni/MH battery system is much simpler
than that for a Li-ion battery system. For example, voltage monitoring and SOC
recording at the cell level in Ni/MH battery system are not necessary. Therefore, for
Ni/MH battery systems used in vehicles, the main functions of BMS are monitoring
charge/discharge [327–332] and voltage [333–336], estimating SOC [337–344] and
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state-of-health (SOH) [345–351], communicating with the on-board computer system,
and handling emergencies. In order to obtain an accurate estimation, several
methodologies, such as integral amp-hour [352–354], self-discharge calculation [355],
calibration from voltage variation [356,357], and impedance measurement [358,359]
are used in combination.

2.5.3. Protection System

Originated from the overcharge protection circuit invented for Ni/Cd
battery [360–364], a similar design was patented for Ni/MH batteries [365,366].
Over-temperature protection [367] and under-voltage [368] circuitries for Ni/MH
battery were previously patented. The design of putting a capacitor in parallel
with the battery was also invented to offer an emergency power source [369–371].
The addition of a high-voltage connector was suggested for electrical shock
prevention [372]. Finally, a venting system for automobiles equipped with Ni/MH
battery system was proposed to release hydrogen from a strategic location [219].

2.5.4. Thermal Management System

Thermal dissipation for Ni/MH battery is performed either at the
cell [184,256,257] or module level [189,262,263,265,266,373–376]. Compared to TMS
for Li-ion battery pack, a much simpler TMS is needed for Ni/MH battery pack [373].
For example, the Ni/MH battery system equipped in Toyota HEV Prius requires
only a three-speed 12 V DC blower [377], and its motor speed is determined by both
the take-in air temperature and cell temperature. Furthermore, Toyota filed a patent
regarding the design of cooling control in a battery pack [378].

2.6. Others

As the last part of this review, U.S. patents on the application and recycling of
Ni/MH battery are presented.

2.6.1. Application

Key applications for Ni/MH battery are summarized in Table 4 [11]. For
a consumer battery, a hybrid Ni/MH battery/capacitor device was patented by
Motorola to handle pulse power communication [379,380]. Patents filed by OBC [381]
and Delphi [382] described the use of Ni/MH batteries in HEV. Applications in
uninterrupted power supply (UPS) [318,383] and grid [384–386] were also patented.
A window construction combining Ni/MH battery and solar cell was proposed [387].
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Table 4. Key applications for Ni/MH battery in the market. UPS: uninterrupted
power supply.

Application Examples Main
Competitor Advantages over Competitor

Consumer
AA, AAA, cordless
phone, shaver,
power tool

Ni/Cd
‚ Higher energy density
‚ Environmentally safe

Propulsion EV, HEV Li-ion
‚ Long service life
‚ Excellent abuse tolerance

UPS
Cellphone
communication hub,
vending machine

Lead-acid
‚ Higher energy density
‚ Longer service life
‚ Environmental safe

Grid
Solar and wind
energy storage,
voltage equalizer

Lead-acid

‚ Higher energy density
‚ Longer service life
‚ Environmental safe
‚ Higher instant

charge acceptance

2.6.2. Revivification and Recycling

In order to reuse the battery pack, a refreshment method was proposed to
replace or re-inject electrolyte into cells with bad performance [388]. At the stage
where recovery is impossible, the Ni/MH battery is ready for recycling. Because
of the high flammability of the negative electrode, rupturing the battery under
anaerobic conditions and flooding the battery interior with CO2 in an anaerobic
chamber is recommended [389]. Recycling can be performed at the component level
by separating the MH alloy (AB2 [390] and AB5 [391]) and binder [392] or at the
individual element level by aiming at rare-earth metals [393–397], Zr [395], Fe [396],
Al [396], Co [396,397] and Ni [397,398].

3. Conclusions

U.S. patents on the Ni/MH battery have been reviewed and categorized.
With close to 400 U.S. patents cited, this report summarizes the efforts to improve
the performance and expand the applicability of Ni/MH batteries undertaken by
scientists and engineers working in various companies; these can be used to study
the principle and fabrication process systematically. By learning what has been
patented previously, we can continue to explore uncharted territory in the science
and engineering of Ni/MH batteries.
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Abbreviations

Ni/MH Nickel/metal hydride
MH Metal hydride
OBC Ovonic Battery Company
FCC Face-centered-cubic
1C/1C 1C charge and discharge rates
DOD Depth of discharge
BCC Body-centered-cubic
NPPS Ni-plated perforated steel
ECD Energy conversion devices
SS Stainless steel
EV Electric vehicle
HEV Hybrid electric vehicle
OCR Overcharge reservoir
ODR Overdischarge reservoir
N/P Negative-to-positive ratio
SOC State of charge
BMS Battery management system
TMS Thermal management system
∆T Temperature change
´∆V Negative voltage change
dV/dt Voltage change with time
dT/dt Temperature change with time
Vt Terminal voltage
SOH State of health
UPS Uninterrupted power supply
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Reviews on the Japanese Patent
Applications Regarding Nickel/Metal
Hydride Batteries
Taihei Ouchi, Kwo-Hsiung Young and Dhanashree Moghe

Abstract: The Japanese Patent Applications filed on the topic of nickel/metal
hydride (Ni/MH) batteries have been reviewed. Patent applications filed by the
top nine battery manufacturers (Matsushita, Sanyo, Hitachi Maxell, Yuasa, Toshiba,
FDK, Furukawa, Japan Storage, and Shin-kobe), five component suppliers (Tanaka,
Mitsui, Santoku, Japan Metals & Chemicals Co. (JMC), and Shin-Etsu), and three
research institutes (Industrial Research Institute (ISI), Agency of Industrial Science
and Technology (AIST), and Toyota R & D) were chosen as the main subjects for
this review, based on their production volume and contribution to the field. By
reviewing these patent applications, we can have a clear picture of the technology
development in the Japanese battery industry. These patent applications also provide
insights, know-how, and future directions for engineers and scientists working in the
rechargeable battery field.

Reprinted from Batteries. Cite as: Ouchi, T.; Young, K.-H.; Moghe, D. Reviews on the
Japanese Patent Applications Regarding Nickel/Metal Hydride Batteries. Batteries
2016, 2, 21.

1. Introduction

Since the debut of commercial nickel/metal hydride (Ni/MH) batteries in the
late 1980’s, over one thousand Japanese Patents have been granted. Many Japanese
companies have worked very diligently in the past and some are still very active in
the new product and market development. As a result, the Ni/MH battery market
aims to maintain a smooth growth into the future (Figure 1), especially in the hybrid
electric vehicle (HEV) and stationary markets. It was predicted by Yano Research
Institute (Tokyo, Japan) that the use of Ni/MH in HEVs will increase four-fold from
2014 to 2020 [1] (Figure 2). Although some key inventions conceived in Japan have
also been filed to the U.S. Patent and Trademark Office (for a review, see [2]), many
of them have not. In order to facilitate the research and development world outside
Japan, a review of the Japanese Patent Applications on the subject of Ni/MH batteries
is presented here. The summary of the Japanese Patent Application in English is
available online by inputting the H-number (before 2000) or Year-number (since
2000) in the “A: publication of patent application” row [3]. Machine translations of
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the claims and specification into English are available by selecting “Detail” in the
corresponding webpage.
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Figure 1. The nickel/metal hydride (Ni/MH) market prediction by FDK. While the demand for Ni/MH 
in hybrid electric vehicle (HEV) is increasing, uses in other areas remain stable. Courtesy of FDK Corp. 
DSC stands for digital still camera. The power requirement for Ni/MH batteries started slowly and 
grows strongly into transportation applications (HEV, start-stop vehicle, and trains) as indicated by 
the arrows. 

 
Figure 2. Prediction of Ni/MH and Li-ion batteries in the xEV, including electric vehicles, plug-in 
HEV, and HEV. Data from Yano’s Report [1]. 

2. Results 

In this review, we have separated patent applications filed in Japan from battery manufacturers, 
component supplying companies, and independent research institutes. The reason for selecting the 
patent application, instead of the patent itself, is to increase the scope of coverage. For each company, 
we picked the most influential patent applications, based on the length of effective days, and 
summarized their contents here. The background of these companies is briefly introduced in Table 1. 

Figure 1. The nickel/metal hydride (Ni/MH) market prediction by FDK. While the
demand for Ni/MH in hybrid electric vehicle (HEV) is increasing, uses in other
areas remain stable. Courtesy of FDK Corp. DSC stands for digital still camera.
The power requirement for Ni/MH batteries started slowly and grows strongly
into transportation applications (HEV, start-stop vehicle, and trains) as indicated
by the arrows.
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2. Results

In this review, we have separated patent applications filed in Japan from
battery manufacturers, component supplying companies, and independent research
institutes. The reason for selecting the patent application, instead of the patent itself,
is to increase the scope of coverage. For each company, we picked the most influential
patent applications, based on the length of effective days, and summarized their
contents here. The background of these companies is briefly introduced in Table 1.

2.1. Battery Manufacturers

Nine Ni/MH manufacturers were chosen for this section. Examples of their
consumer products are shown in Figure 3.
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Figure 4. Schematic diagram of a water atomization system patented by Matsushita. Numbered parts 
are 11: induction melting furnace; 12: coil; 13: MH alloy; 14: holding furnace; 15: coil; 16: injection 
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Figure 3. Ni/MH consumer products from major Japanese manufacturers—from
left to right: Matsushita (Panasonic), Sanyo, Maxell, Yuasa, Toshiba, FDK,
Furukawa, GS-Saft, and Shin-kobe. All are cylindrical, except the stick-type (gum)
made by GS-Saft for portable digital assistant and cell phone use.
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2.1.1. Matsushita

Matsushita Electric Industrial (Kadoma, Osaka, Japan) was one of the first
companies to sell commercial Ni/MH batteries. In 1996, Matsushita and Toyota
formed a joint venture, Panasonic EV Energy Co. (PEVE, now Primearth EV
Co., Okasaki, Shizuoka, Japan), to manufacture Ni/MH batteries for propulsion
application. In 2008, its name was changed to “Panasonic Corporation” and this
company continued to manufacture Ni/MH consumer batteries in Wuxi, Jiangsu,
China. The Ni/MH batteries, under the tradename Evolta, reached a cycle life of
1600 by sharing the positive electrode developed for their primary cell with the
same trade name [4], which was the world record of the longest life for Ni/MH
batteries in 2008. In 2009, Panasonic acquired Sanyo and sold its major stocks of
PEVE to Toyota. The consumer battery manufacturing section was sold to FDK and
the cylindrical cell manufacturing facility in Shonan, Kanagawa, Japan was sold to
the Chinese Corun Company (Changsha, Hunan, China). Today, Panasonic continues
to operate Sanyo’s facility in Awajishima, making high-power cylindrical cell for
start-stop vehicles. In the melt-and-cast preparation of MH alloys, Matsushita filed
two patent applications: one on water atomization (Figure 4, [5]) and the other one
on a double-roller casting mechanism (Figure 5, [6]).
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Figure 4. Schematic diagram of a water atomization system patented by Matsushita.
Numbered parts are 11: induction melting furnace; 12: coil; 13: MH alloy; 14:
holding furnace; 15: coil; 16: injection nozzle; 17: collection tank; 18: high pressure
water pump; and 19: nitrogen cylinder. Reproduced from [5].
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the MH alloy in order to improve the uniformity in cycle degradation in the cell. From left to right, 
showing the surface microstructure (a) after a wet-grinding process; (b) after an alkaline treatment; 
(c) after an acid treatment; (d) after a de-hydrogenation process; and (e) after the final hydroxide ion 
modification. In the diagram, the components indicated by numbers are 1: bulk ingot; 2: hydroxide 
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atoms; 6: pore; 7: Ni-rich layer; and 8: hydroxide ions. This surface treatment has become the standard 
procedure for Ni/MH batteries used in the propulsion industry. Reproduced from [15]. 

Figure 5. Schematic diagram of a double-roller casting system patented by
Matsushita. Numbered parts are 10: MH alloy; 11: vacuum chamber; 12: induction
furnace; 13: coil; 14: nozzle; 15: melt; 16: high temperature double-roller; 17, 18:
water-cooled rollers; 19: alloy film; 20: pressing roller; and 21: Ar gas cylinder.
Reproduced from [6].

A few patent applications filed between 1996 and 1998 were selected to
demonstrate the coverage Matsushita acquired in the area of Ni/MH batteries: an
AB5 metal hydride (MH) alloy containing a small amount of Fe, Cr, or Cu to lower
the raw material cost [7], a Zr-based AB2 MH alloy with improved cycle life [8],
a negative electrode of high surface area with a carbon content between 350 ppm
and 1000 ppm [9], a positive electrode with spherical particles with an average
diameter of less than 1.7 µm and the percentage of the particles smaller than 1.0 µm
of below 20% [10], the effect of the addition of compounds from Y, Er, and Yb in
the positive electrode to improve the high temperature performance [11], addition
of ions from rare earth elements in the electrolyte to suppress the oxidation and
capacity degradation of the negative electrode [12], Co(OH)2 coating on the Ni(OH)2

spherical particle surface to increase the cycle stability by increasing the electrolyte
holding power [13], a design of negative-to-positive ratio from 1.5 to 2.0 for the
uninterrupted power supplier application [14], and a surface treatment method to
improve the uniformity in capacity degradation during cycling (Figure 6, from [15])
and its application in high-rate batteries [16].
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Figure 6. A schematic diagram of a surface preparation method for a negative
electrode to pre-age the MH alloy in order to improve the uniformity in cycle
degradation in the cell. From left to right, showing the surface microstructure
(a) after a wet-grinding process; (b) after an alkaline treatment; (c) after an acid
treatment; (d) after a de-hydrogenation process; and (e) after the final hydroxide
ion modification. In the diagram, the components indicated by numbers are 1: bulk
ingot; 2: hydroxide and incomplete oxide layer; 3: hydroxide from the rare earth
element layer; 4: metallic Ni; 5: hydrogen atoms; 6: pore; 7: Ni-rich layer; and
8: hydroxide ions. This surface treatment has become the standard procedure for
Ni/MH batteries used in the propulsion industry. Reproduced from [15].

2.1.2. Sanyo

Sanyo Electric Co. (Osaka, Japan) was the other company selling the
first-generation commercial Ni/MH batteries [17]. It began manufacturing Ni/MH in
1990. In 2000, Sanyo purchased Toshiba’s Ni/MH manufacturing facility (Takasaki,
Gumma, Japan) and became the largest producer of Ni/MH batteries in the world.
In 2005, Sanyo introduced a low self-discharge Ni/MH battery, an eneloop, with
less than 15% capacity loss during the first year of storage [18]. The battery is based
on the A2B7 superlattice Mg and rare earth elements containing MH alloys [19,20].
In 2009, Sanyo was acquired by Panasonic. In 2014, its Ni/MH manufacturing facility
in Suzhou, Jiangsu, China was closed and the production line was moved back to
Japan, where it continued to produce Ni/MH batteries under the operation of FDK.

The representative patent applications filed by Sanyo include the following
concepts: addition of fluoro-resin powder on the negative electrode surface
to increase the gas recombination rate during overcharge [21], addition of
polytetrafluoroethylene (PTFE) to the negative electrode for increasing its mechanical
strength [22], a coating of the co-precipitated hydroxide from Zn, Cd, Mg, or Ca on
the Ni(OH)2 surface to prevent capacity loss due to over-discharge [23], a melt-spin
fabrication method for preparing MH alloy with improved high-rate dischargeability
(HRD) at a low temperature [24], a requirement in the uniformity of MH alloy
particle size for better cycle life [25], addition of 0.5–10 ppm Y into electrolyte [26],
a β-CoOOH coating [27] to improve the utilization of positive electrode active
material, addition of Mn to prevent leakage of the electrolyte [28], a partially reduced
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metal between the MH alloy particles to improve the conductivity of the negative
electrode [29], a special substrate made of metallic form with a hollow structured
skeleton to prevent the breakage of substrate during winding [30], and a Li-containing
Co coating to the Ni(OH)2 spherical particles to improve the utilization of the positive
electrode active material [31]. After merging into Panasonic, most of the Sanyo’s
patents belong to the new owner, except the last two, which were acquired by FDK.

2.1.3. Hitachi Maxell

Hitachi Maxell Ltd. (Tokyo, Japan) is a consumer electronics manufacturer in
Japan. In the early days, Hitachi Maxell teamed with Ovonic Battery Company
(Troy, MI, USA) and manufactured Ni/MH batteries based on the AB2 MH alloys.
In contrast to the previous two companies, Maxell’s patent applications are more
related to the fabrication at the cell level, instead of raw materials or electrodes.
Some examples are: addition of a PTFE layer on the surface of MH alloy to
increase the conductivity and mechanical strength of the negative electrode [32],
a design of a safety-vent to prevent rupture of the battery [33], a disordered nickel
hydroxide co-precipitated with 1.5–2.8 wt% Zn to increase the capacity [34], addition
of corrosion preventives in the electrolyte, such as K2SiO3, K4Si3O8, K4SiO4, K6SiO6,
K3PO4, K4PO7, K2CrO4 [35], Mo, W, and Cr ions [36] to improve cycle stability, a
requirement in the uniformity of spherical particle size in the positive electrode [37],
a method of assembling two different chemistries in one hybrid container [38],
an electrolyte filling amount of 1.4 cc¨ (Ah)´1 [39], a Zn-Co layer on the Ni(OH)2

spherical particle to increase the utilization and lower the raw material cost [40],
and an Ni-rich secondary phase in the AB5 MH alloy to improve low-temperature
HRD [41,42].

2.1.4. Yuasa

Yuasa Battery Co. (Takatsuki, Osaka, Japan) was the first automobile battery
company in Japan (1920). Yuasa was also the first company to develop spherical
Ni(OH)2 for the high-density positive electrode used in Ni/MH batteries. Oshitani
and Yufu [43] disclosed a β-Co(OH)2-coated Ni(OH)2 in his patent application
filed in 1988 , which is still used in today’s Ni/MH batteries (Figure 7). In 1997,
Yuasa formed a joint venture with Taiwanese Delta Electronics (Taipei, Taiwan) in
Tianjin, China to manufacture Ni/MH batteries, which was productive until a recent
shutdown in 2015 due to an accidental explosion. In 2004, Yuasa merged with Japan
Storage Battery Co. and formed GS Yuasa Co. The company has a product similar
to FDK’s eneloop—the eNiTIME. It comes pre-charged and can be used right out of
the box [44].
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(a) (b) (c) 

Figure 7. Schematic diagrams showing the formation of a conductive network in the positive 
electrode: (a) as prepared with CoO additives; (b) after the dissolution and re-deposition of Co(OH)2; 
and (c) after the first charge into CoOOH. Reproduced from [43]. 

Since 1980, Yuasa has filed 327 patent applications on alkaline batteries [45] that cover both the 
positive and negative electrodes. We have picked the following as the most representative patents 
with an emphasis on: a bi-polar design electrode design [46], an ex-situ oxidation applied to the Co-
conductive network of the positive electrode [47], a dual polyolefin/vinyl monomer composite used 
as a separator to reduce the self-discharge [48], a formation algorithm to increase the protection 
against overcharge and over-discharge [49], addition of Y and Yb compounds in the positive 
electrode to reduce the corrosion in the negative electrode [50], addition of a sulfonic group to the 
benzene nucleus forming a separator material with a lower self-discharge [51], a positive electrode 
with Co metal and/or Co oxide and at least one rare earth compound, alkaline earth metal compound 
and zinc oxide [52], an negative electrode additive made from Ce metal or a complex of Ce metal and 
another metal with a BET surface area >50 m2·g−1 [53] or fine Ni powder (<2 μm) [54] to improve the 
performance of the battery, and MH alloy containing a rare earth element with an atomic number >62 
(Eu, Gd, Tb, Dy, Ho, Er, Tm, Yb, and Lu) [55]. 

2.1.5. Toshiba 

Toshiba Corp. (Tokyo, Japan) is a heavily diversified conglomerate corporation in electronics, 
nuclear, and electrical appliances. It was one of the earliest Ni/MH manufacturers. Toshiba, together 
with Duracell (Bethel, CT, USA) and Varta Battery (Elleangen, Germany, now bankrupted), formed 
a joint venture, 3C Alliance LLP, in 1996 and achieved annual sales of 100 million cells. Toshiba sold 
its Ni/MH operation to Sanyo in 2000. Examples of patent applications from Toshiba include: a 
battery module with space filled with resin to improve the temperature uniformity during charge 
[56], a negative electrode with polymer binder containing PTEE of an average molecular weight of 
200,000–1,000,000 [57], an Mg-containing (>10 at%) MH alloy with some unique X-ray diffraction 
(XRD) intensity ratio characteristics [58], Mg-based AB2 and A2B MH alloys as negative electrode 
active materials [59], a high energy density cell with Mn content between 0.6 wt% and 2.6 wt% [60], 
a method to increase the loading of a negative electrode [61], a method to suppress the self-discharge 
in the early stage of cycle life [62], improvement in the low-temperature performance [63], Mg-
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Figure 7. Schematic diagrams showing the formation of a conductive network in the
positive electrode: (a) as prepared with CoO additives; (b) after the dissolution and
re-deposition of Co(OH)2; and (c) after the first charge into CoOOH. Reproduced
from [43].

Since 1980, Yuasa has filed 327 patent applications on alkaline batteries [45] that
cover both the positive and negative electrodes. We have picked the following as
the most representative patents with an emphasis on: a bi-polar design electrode
design [46], an ex-situ oxidation applied to the Co-conductive network of the positive
electrode [47], a dual polyolefin/vinyl monomer composite used as a separator
to reduce the self-discharge [48], a formation algorithm to increase the protection
against overcharge and over-discharge [49], addition of Y and Yb compounds in the
positive electrode to reduce the corrosion in the negative electrode [50], addition of
a sulfonic group to the benzene nucleus forming a separator material with a lower
self-discharge [51], a positive electrode with Co metal and/or Co oxide and at least
one rare earth compound, alkaline earth metal compound and zinc oxide [52], an
negative electrode additive made from Ce metal or a complex of Ce metal and another
metal with a BET surface area >50 m2¨ g´1 [53] or fine Ni powder (<2 µm) [54] to
improve the performance of the battery, and MH alloy containing a rare earth element
with an atomic number >62 (Eu, Gd, Tb, Dy, Ho, Er, Tm, Yb, and Lu) [55].

2.1.5. Toshiba

Toshiba Corp. (Tokyo, Japan) is a heavily diversified conglomerate corporation
in electronics, nuclear, and electrical appliances. It was one of the earliest Ni/MH
manufacturers. Toshiba, together with Duracell (Bethel, CT, USA) and Varta Battery
(Elleangen, Germany, now bankrupted), formed a joint venture, 3C Alliance LLP,
in 1996 and achieved annual sales of 100 million cells. Toshiba sold its Ni/MH
operation to Sanyo in 2000. Examples of patent applications from Toshiba include:
a battery module with space filled with resin to improve the temperature uniformity
during charge [56], a negative electrode with polymer binder containing PTEE of an
average molecular weight of 200,000–1,000,000 [57], an Mg-containing (>10 at%) MH
alloy with some unique X-ray diffraction (XRD) intensity ratio characteristics [58],
Mg-based AB2 and A2B MH alloys as negative electrode active materials [59], a high
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energy density cell with Mn content between 0.6 wt% and 2.6 wt% [60], a method
to increase the loading of a negative electrode [61], a method to suppress the
self-discharge in the early stage of cycle life [62], improvement in the low-temperature
performance [63], Mg-containing MH alloys with layered crystal structure [64], and
an MH alloy containing Mg, a rare earth element, and alkaline metals [65]. The last
six patents now belong to Yuasa.

In 2000, right before transferring the Ni/MH business to Sanyo, scientists at
Toshiba filed a series of patent applications regarding newly discovered superlattice
alloys, trying to summarize the laboratory findings up to that day, without significant
conclusions. These patent applications may be considered immature compared to
today’s technology, which has been fine-tuned by Sanyo and FDK, but they are
good examples of how a large battery company performed research, starting from
ground level. They include patent applications about engineering the Mg content
within an MH alloy particle [66], improvement in low-temperature performance by
increasing the surface metallic Ni content [67], improvement in capacity and cycle
life by controlling the lattice parameter c in the crystal structure [68], a rapid cooling
method to prevent loss of Mg [69], and an optimized composition range for capacity
and cycle life (Figure 8, data from [70]).Batteries 2016, 2, 21 9 of 30 
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Figure 8. A composition map of superlattice MH alloys showing range optimized
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(La, Ce, Pr, and Nd) represented by “a” in the chart. The y-axis is the Mg content in
the A-site atoms (Mg, La, Ce, Pr, and Nd) represented by “C” in the chart. In the
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2.1.6. FDK

FDK Corp. (original name: Fuji Denki Kagaku) was originally an electronic
company making primary Li batteries and other electronic components. In 2010,
it acquired the Twicell Division (Ni/MH battery branch making eneloop batteries) of
Sanyo and continues to operate as the world’s largest producer of Ni/MH batteries in
Takasaki, Japan. One example, showing the continuity of research from one company
to the next company, is shown in Figures 9 and 10. Since its debut, the superlattice
alloy was targeted to replace the AB5 MH alloy with the goal of increasing the capacity.
However, a corrosion problem came with the Mg component and led to a short cycle
life. Therefore, a ten-year campaign to find the most suitable oxidation inhibitor for
superlattice alloys started in Toshiba, then Sanyo, finally accomplished by FDK.

Batteries 2016, 2, 21 9 of 30 

 
Figure 8. A composition map of superlattice MH alloys showing range optimized by capacity and 
cycle life [70]. The x-axis is the La content in the misch metal (La, Ce, Pr, and Nd) represented by “a” 
in the chart. The y-axis is the Mg content in the A-site atoms (Mg, La, Ce, Pr, and Nd) represented by 
“C” in the chart. In the chart, γ is a quantity defined by C + 0.025/a. 

2.1.6. FDK 

FDK Corp. (original name: Fuji Denki Kagaku) was originally an electronic company making 
primary Li batteries and other electronic components. In 2010, it acquired the Twicell Division 
(Ni/MH battery branch making eneloop batteries) of Sanyo and continues to operate as the world’s 
largest producer of Ni/MH batteries in Takasaki, Japan. One example, showing the continuity of 
research from one company to the next company, is shown in Figures 9 and 10. Since its debut, the 
superlattice alloy was targeted to replace the AB5 MH alloy with the goal of increasing the capacity. 
However, a corrosion problem came with the Mg component and led to a short cycle life. Therefore, 
a ten-year campaign to find the most suitable oxidation inhibitor for superlattice alloys started in 
Toshiba, then Sanyo, finally accomplished by FDK. 

 
Figure 9. Early Japanese Patent Applications regarding the use of newly developed superlattice MH 
alloys. 

Figure 9. Early Japanese Patent Applications regarding the use of newly developed
superlattice MH alloys.

83



Batteries 2016, 2, 21 10 of 30 

 
Figure 10. In a continuation of previous efforts (Figure 9), FDK filed a patent application to finalize 
the design of additives in negative electrode paste to extend the cycle life of cells, using superlattice 
alloys to 5000+ [71]. 

FDK, being the only remaining domestic consumer Ni/MH battery producer, filed patent 
applications that were centered on: an LHLHHH type of stacking sequence along the c-axis for a 
superlattice alloy where L and H are A2B4 and AB5 layers, respectively [72], larger MH alloy particles 
used in the outside rim of a cylindrical cell to improve its cycle stability [73], a positive electrode 
using nickel hydroxide from co-precipitation of Mg to reduce the voltage lowering during storage 
[74], a Ca-containing [75] and an Sm-rich [76], Zr-containing [77] superlattice alloy to increase both 
the capacity and the cycle life, an electrolyte recipe composed of KOH, NaOH, and LiOH to optimize 
cycle life and low-temperature characteristics [78], an NaOH-dominant electrolyte for improving 
both cycle life and self-discharge performances [79], a TeO2-containing electrolyte to improve low-
temperature discharge characteristics [80], the additives in the negative electrode containing CaF2, 
CaS, and/or CaCl2 [81], and AlF3 [82] to improve alloy performance, application of MH alloy particle 
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Figure 10. In a continuation of previous efforts (Figure 9), FDK filed a patent
application to finalize the design of additives in negative electrode paste to extend
the cycle life of cells, using superlattice alloys to 5000+ [71].

FDK, being the only remaining domestic consumer Ni/MH battery producer,
filed patent applications that were centered on: an LHLHHH type of stacking
sequence along the c-axis for a superlattice alloy where L and H are A2B4 and
AB5 layers, respectively [72], larger MH alloy particles used in the outside rim
of a cylindrical cell to improve its cycle stability [73], a positive electrode using
nickel hydroxide from co-precipitation of Mg to reduce the voltage lowering
during storage [74], a Ca-containing [75] and an Sm-rich [76], Zr-containing [77]
superlattice alloy to increase both the capacity and the cycle life, an electrolyte recipe
composed of KOH, NaOH, and LiOH to optimize cycle life and low-temperature
characteristics [78], an NaOH-dominant electrolyte for improving both cycle life
and self-discharge performances [79], a TeO2-containing electrolyte to improve
low-temperature discharge characteristics [80], the additives in the negative electrode
containing CaF2, CaS, and/or CaCl2 [81], and AlF3 [82] to improve alloy performance,
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application of MH alloy particle of different sizes onto each side of the electrode to
prevent short-circuit [83], an NaF-containing electrolyte to improve the self-discharge
characteristics of the cell [84], a low-La (<25% in A-site element) superlattice alloy to
have improved voltage standing during long-period storage [85], and a multi-layer
construction for a negative electrode with different binder contents to improve the
capacity degradation and short-circuit of the cell [86].

2.1.7. Furukawa

Furukawa Battery Co. (Yokohama, Kanagawa, Japan) is a company that
manufactures mainly lead-acid and alkaline batteries. It constructed a Ni/MH
plant in Iwaki, Fukushima, Japan in 1993. In 1997, it was one of seven Ni/MH battery
manufacturers in Japan (the others were Matsushita, Sanyo, Toshiba, Yuasa, GS-Saft,
and Hitachi-Maxell [87]). Patent applications filed by Furukawa include: a 5%–15%
porosity in the negative electrode assembly to suppress the pressure build-up during
cycling [88], a sponge nickel sheet as the positive electrode substrate and a punched
nickel sheet (30%–44% open space) as the negative electrode substrate to increase the
energy density of the cell [89], a formation process including both electrical activation
and thermal aging processes to ensure high HRD [90], a heat treatment (100–250 ˝C)
of the MH alloy powder before electrode assembly to suppress the pressure increase
during overcharge [91], a mixture of Ni(OH)2, CoO, and ZnO as the active material in
a positive electrode to improve cycle life, utilization, HRD, and temperature range of
the cell [92], and an optimized amount of electrolyte filling, 85%–97% of the available
space in the cell to lower the cell pressure during charge [93].

2.1.8. Japan Storage

The GS-Japan Storage (Tokyo, Japan) Company was the first lead-acid
manufacturer in Japan (1895). It formed a joint venture with the French Saft (Bagnolet,
France), GS-Saft, producing Ni-Cd, and later Ni/MH and Li-ion batteries in 1986.
The company later merged into Yuasa in 2004. Some of their patent applications
include: the addition of a metal layer next to a synthetic-resin-made container to
suppress the self-discharge [94], a thermoplastic synthetic-resin-made relief valve
with a melting point higher than 270 ˝C to improve the safety of the cell [95], addition
of an Mn compound to the positive electrode to reduce the hydrogen reaction on
the positive electrode surface and suppress the self-discharge of the cell [96], an
activation scheme composed of electrical formation and heat storage to improve the
HRD [97], and an increase in the negative electrode area to suppress pressure during
charge [98].
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2.1.9. Shin-Kobe

Shin-kobe Electric Machinery Co. (Tokyo, Japan) is a manufacturer of lead-acid,
Ni/MH, and Li-ion batteries. Their Ni/MH product was sold through Hitachi
with the trade name CellAce. In 2013, their business was merged into Hitachi
Chemical (Tokyo, Japan). Shin-kobe’s patent applications include: addition of
conductive fibers in the negative electrode to reduce its electric resistivity [99],
adding hydroxyl methyl cellulose as a ductile binder in the negative electrode to
improve cell performance [100], a substrate fabrication method for mixing MH and Ni
powder on the surface of polyurethane (PU) foam and removing the PU in a heated
reduction atmosphere [101], addition of ethylene-vinyl acetate-acrylate copolymer,
acrylate-styrene-alkyl acrylate copolymer, methylcellose, and nickel powder in the
slurry for the negative electrode to improve the gas absorption ability [102], and
addition of CaCO3 to reduce the oxygen evolution in the negative electrode during
over-discharge (cell reversal) [103].

2.1.10. Other Battery Manufacturers

Other than those consumer battery manufacturers introduced above, there
are companies focused on other markets. For example, PEVE currently produces
the highest Ah amount of batteries, supporting the HEV business of Toyota. All
their inventions are related to battery pack assembly, battery management systems
(BMS), and testing. Examples include: a failure sensing mechanism [104], a cooling
controlling method [105], a current detection method [106], an electric current
leakage detecting device [107], a voltage measuring method [108] in the battery
pack, a state-of-charge (SOC) estimation method [109,110], a testing method for relay
contact welding [111], BMS for vehicles [112], and an activation algorithm [113].
Kawasaki Heavy Industry (Kyoto, Japan) developed a GIGACELL high-power
Ni/MH battery for stationary and locomotive applications [114]. They have filed
patent applications to cover: 3D batteries [115], addition of conductive fibers, carbon
particles, Ni foil, Ni-plates fiber, etc. to increase the conductivity and connection
of the negative electrode in Ni/MH batteries [116], use of fibrous MH alloys in
the negative electrode to improve charge and discharge rate capability [117], a
fold design for electrode stacking (the basis of GIGACELL) [118–120], design of a
battery charger for railroad applications [121], an SOC estimation algorithm [122], a
pressure-regulating device [123], a battery module [124], and a battery system [125].
Honda Denki (Tokyo, Japan) developed a flooded type of long-lasting Ni/MH battery
(Table 2), but they did not file any patent application for technology originating from
the flooded Ni-Fe battery [126]. Varta Battery filed a Japanese patent application
about adding Mn-oxide in the positive electrode [127]. Saft, a French company,
also filed a Japanese patent application on a C14 Laves phase alloy for negative
electrodes [128]. Samsung Display Devices (Yongin-Gun, Korea) filed a Japanese
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patent application about adding an insulating layer at the edge of one electrode
to prevent short-circuit [129]. Ovonic Battery Company also has a few Japanese
patent applications covering disordered AB2 [130–134], MgNi-based [135–137] MH
alloys, a disordered positive electrode [138–140], and a mono-block design [141]. Its
parent company, Energy Conversion Devices Inc. (Troy, MI, USA) also filed a patent
application regarding a dry compaction method for making a negative electrode
belt [142].

Table 2. Characteristics of the flooded type Ni/MH batteries made by Honda Denki.
Information from their brochure.

Type MHS MHM

Main components

Positive plate Oxy nickel hydroxide (pocket type)
Negative plane Metal hydride (pocket type)

Separator Synthetic resin
Cell container Synthetic resin (translucent)

Electrolyte Potassium hydroxide
Specific gravity (20 ˝C) 1.21

Capacity (Ah) Range 20–1000
Discharge rate (h) 5

Voltage (V/cell) Nominal 1.2
Floating charge 1.39 1.38

Recommended back-up time More than 60 min More than 30 min

Expected life More than 15 years

2.2. Component Suppliers

2.2.1. Tanaka Chemical Co.

Tanaka Chemical Co. (Fukui, Japan) is the main producer of spherical
Ni(OH)2 that can act as positive electrode active materials. In the early days,
Tanaka monopolized the spherical Ni(OH)2 market, but has now been replaced
by many Chinese manufacturers. In 1996, Tanaka filed five patent applications
covering: surface coating of α-Co(OH)2 [143] or β-Co(OH)2 [144] and conversion
into γ-CoOOH with a high conductivity on the surface of Ni(OH)2, addition of
salts from sulfuric acid, nitric acid, boric acid, and phosphoric acid to increase the
solubility of Co(OH)2 in the electrolyte [145], a co-precipitation of hydroxide with Ni,
Co, Zn, Y (or Cd) as the positive electrode active material [146], and an increase in the
adhesion of Co coating to the Ni(OH)2 spherical particles to prevent peeling [147]. In
1998, Tanaka filed another three patent applications covering: an auxiliary conductive
binder addition into the positive electrode paste with α-Co(OH)2 [148], an additional
coating of Ni or Ni alloy on the Co(OH)2 coating on the Ni(OH)2 particles [149], and
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an oxidation process for Co(OH)2 coating in an oxidation environment with heat to
save the cost [150].

2.2.2. Mitsui Metal

Mitsui Bussan Metals Co. (Tokyo, Japan) was the major AB5 MH alloy producer
that has used the conventional induction melting and casting method since the debut
of Ni/MH battery. It was the major AB5 MH alloy supplier to Matsushita. Patent
applications from Mitsui are all about AB5 MH alloys which include: a columnar
structure-dominate (>80%) of AB5 ingot which facilitates the early pulverization [151],
a wet crushing and grinding process for AB5 ingots [152], addition of Mo or Cr in the
AB5 formula to increase the capacity of the alloy [153], partial replacement of rare
earth elements with Ca to reduce the cost [154], quick quench plus annealing to make
alloys with heterogeneous strain to improve the cycle life [155], addition of Cu and
B in the alloy formula to improve HRD of the cell [156], a low-cost Cu-containing
AB5 MH alloy with the lattice parameter c between 4.062 Å and 4.069 Å [157], an
over-stoichiometric MH alloy with B/A between 0.05 and 5.25 and a lattice parameter
c greater than 4.049 Å [158], and a low-Co Cu (Fe)-containing AB5 MH alloy with the
lattice parameter c greater than 4.042 Å [159].

2.2.3. Santoku Metal

Santoku Metal Industry Co. (Kobe, Hyogo, Japan) manufactures both
MH alloy and NdFeB (for permanent magnetic applications) based on rare-earth
elements using a strip-casting method. In 2000, the company name was changed
to Santoku Corporation. Currently, the main production facility for making
MH alloys was moved to its joint venture in China, Baotou Santoku Battery
Materials Co. (Baotou, Inner Mongolia, China). Santoku’s patent applications
are also all about the development of MH alloys, such as: a method of making
rare-earth-containing hydrogen storage alloy (filed in 1983) [160], an asymmetric
alloy microstructure in the network segregation of AB5 MH alloy [161], a storage
method for rare-earth-containing alloys [162], a rapid quench with cooling rate
between 1000 ˝C¨ s´1 and 10,000 ˝C¨ s´1 [163], and a strip-casting method of making
rare-earth-containing alloy (Figure 11) [164].
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Ti-Fe-Zr-(Nb or Mn) [166]. The first AB5 MH alloy patent application filed in 1986 by JMC was 
regarding the addition of Co, Al, and Sn to reduce the hysteresis in the pressure–concentration–
temperature absorption and desorption isotherms [167]. In 1987, JMC also patented a precipitation 
method of making Ni(OH)2 [168]. JMC filed a La-rich AB5 MH alloy composition with Ni, Co, Mn, 
and Al in 1993 [169]. Porous 3D-foam substrates made from Ni were proposed as substrates for both 
the positive and negative electrodes [170]. A patent application about a recovery methodology for 
Ni/MH battery scrap was filed in 1994 [171]. Other patent applications filed by JMC include: the use 
of Ag-plated Ni-foam as substrate to improve corrosion resistance [172], an Mg-Y MH alloy [173], an 
Fe-containing over-stoichiometry AB5 MH alloy [174], a gas atomization method for acid or alkaline 
solutions [175], a pre-oxidation by CO2 for a freshly ground MH alloy [176], an MgNi2-based MH 
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Figure 11. Schematic diagram of a strip-casting system patented by Santoku and
widely adapted in China for production of Nd-B-Fe magnetic materials and AB5

MH alloys. The numbers indicate the following: 10: manufacturing system; 11: the
first chamber; 12: the second chamber; 11a and 12a: shutter valve; 13: induction
furnace; 14: tundish; 15: rotating roll; 16: alloy crushing board; 17a: ribbons;
17b: crushed powder; 18, 18a and 18b: containers; 19 and 19a: top cover of a
water-cooled container. Reproduced from [164].

2.2.4. Japan Metals & Chemicals Co.

In the early days, Japan Metals & Chemicals Co. (JMC, Tokyo, Japan) worked
closely with the battery manufacturer Toshiba. With the ownership of Takasaki Plant
transferring from Toshiba to Sanyo and finally to FDK, JMC remained the largest
MH alloys supplier in Japan. With a proprietary fabrication method, JMC is one
of the few MH alloy suppliers that can produce A2B7-related MH alloy in a full
production scale (the other one is Santoku), which is a key component used in the
eneloop low self-discharge consumer and GIGACELL stationary batteries. Besides
battery materials, JMC also serves as the pioneering and continuing contributor in
the gaseous hydrogen storage application of MH alloys. The first patent application
filed by JMC in 1980 on MH alloys is about a fabrication method of TiFe binary
alloy [165]. Later patent applications extended to the quaternary alloy system
Ti-Fe-Zr-(Nb or Mn) [166]. The first AB5 MH alloy patent application filed in 1986
by JMC was regarding the addition of Co, Al, and Sn to reduce the hysteresis in the
pressure–concentration–temperature absorption and desorption isotherms [167]. In
1987, JMC also patented a precipitation method of making Ni(OH)2 [168]. JMC filed
a La-rich AB5 MH alloy composition with Ni, Co, Mn, and Al in 1993 [169]. Porous
3D-foam substrates made from Ni were proposed as substrates for both the positive
and negative electrodes [170]. A patent application about a recovery methodology
for Ni/MH battery scrap was filed in 1994 [171]. Other patent applications filed
by JMC include: the use of Ag-plated Ni-foam as substrate to improve corrosion
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resistance [172], an Mg-Y MH alloy [173], an Fe-containing over-stoichiometry AB5

MH alloy [174], a gas atomization method for acid or alkaline solutions [175], a
pre-oxidation by CO2 for a freshly ground MH alloy [176], an MgNi2-based MH
alloy [177], an acid etch plus alkaline solution activation method for MH alloys [178],
a low-cost Ni-plated Fe alloy substrate [179], additives of Li composite for a spinel
composite in a negative electrode to improve the cycle stability [180], an activation in
alkaline solution with a complexing agent to reduce the pulverization rate [181], a
two-phase AB5 MH alloys to reduce the pulverization rate [182], addition of Sn into
the AB5 alloy formula and a lattice constant ratio c/a between 0.8055 and 0.8070 [183],
an AB5 with a Mg-rich secondary phase to maintain the HRD even with reduction in
the Co content to save the cost [184], a multi-phase superlattice alloy with >90% of
PuNi3, Ce2Ni7, and Pr5Co19 phases and also an annealing condition of 1000 ˝C for
10 h to reduce the abundance of AB5 phase to 3% [185], a Ti-, Zr-, and Hf- containing
(0.2–1 at% in A-site atoms) AB5 MH alloy to increase capacity and cycle stability [186],
an AB2 phase containing a superlattice MH alloy for better capacity, cycle life, and
HRD [187], and a low-cost multi-phase MH alloy with CaCu5 (40–90 wt%), Ce5Co19

(5–39 wt%), and Pr5Co19 (3–20 wt%) phases [188].

2.2.5. Shin-Etsu Chemical

Shin-Etsu Chemical (Tokyo, Japan) is a chemical company that has developed
the various binder materials used in the paste electrode for Ni/MH batteries. It filed
a few patent applications for: a main binder material using hydroxyalkyl cellulose in
the negative electrode [189], an organic binder with Sm-containing MH alloy [190], a
negative electrode slurry with binders of hydroxyalkyl alkyl cellulose, alkyl cellulose,
carboxymethyl cellulose, and water-soluble natural polysaccharide, and at least
one selected from the group consisting of polyhydric alcohols having two or more
hydroxyl groups in one molecule and water-soluble polyoles which are polyalkanol
amines [191], a negative electrode slurry containing hydroxyalkyl alkyl cellulose,
alkyl cellulose, carboxymetyl cellulose and water-soluble natural polysaccharides,
and a denatured polyvinyl alcohol (PVA) [192]. Shin-Etsu is also an MH alloy supplier
in Japan and filed an application for an MH alloy fabrication method without the
need for annealing (Figure 12, [193]).
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compound-coated Ni(OH)2 [196] for use in the positive electrode. Sumitomo Chemical Co. (Tokyo, 
Japan) has also filed a patent application about high tap density Ni(OH)2 spherical particles [197] and 
another one about a sintered substrate for Ni-based positive electrodes [198]. Furukawa Electric 
(Tokyo, Japan) filed a patent application regarding the use of a gas atomization technique to make 
MH alloys (Figure 13, [199]). Chuo Denki Kogyo Co. (Myoko, Niigata, Japan) is an MH alloy supplier 
who filed patent applications involving a pre-oxidation environment including partial pressure of 
oxygen and some organic compounds during grinding [200], an acid etch process to facilitate the 
formation of an Ni-rich phase on the alloy surface [201], a hyper-stoichiometric AB5 MH alloy with 
an improved high-rate and low-temperature performances [202], an acid etch in mineral acid solution 
with Co, Ni, Fe, salt of rare earth elements or boric acid and other organic compounds [203]. 
Mitsubishi Metal Corp. (later changed name to Mitsubishi Materials Corp, Tokyo, Japan) filed patent 

Figure 12. Schematic diagram of a strip-casting with the water-cooled
pancake-mode system patented by Shin-Etsu. The numbers indicate 1: vacuum
chamber; 2: induction furnace; 3: crucible; 4: radio frequency coil; 5: tundish;
6: cooling roll; 7: scrapper; 8: cooling table; 9: rotation shaft; 10: leveling arm;
11: gas inlet; 12: heat exchange fan; 13: fan duct; 14: melt; 15: alloy ribbons and
flakes; and 16: alloy ribbons and flakes on a cooling table. Reproduced from [193].

2.2.6. Other Suppliers

As Ni(OH)2 suppliers, Ise Chemicals Corp. (Tokyo, Japan) has filed patent
applications about a high density spherical particle from the co-precipitation of
Ni, Zn, and Co [194,195] and a Co-compound-coated Ni(OH)2 [196] for use in
the positive electrode. Sumitomo Chemical Co. (Tokyo, Japan) has also filed
a patent application about high tap density Ni(OH)2 spherical particles [197]
and another one about a sintered substrate for Ni-based positive electrodes [198].
Furukawa Electric (Tokyo, Japan) filed a patent application regarding the use of
a gas atomization technique to make MH alloys (Figure 13, [199]). Chuo Denki
Kogyo Co. (Myoko, Niigata, Japan) is an MH alloy supplier who filed patent
applications involving a pre-oxidation environment including partial pressure
of oxygen and some organic compounds during grinding [200], an acid etch
process to facilitate the formation of an Ni-rich phase on the alloy surface [201], a
hyper-stoichiometric AB5 MH alloy with an improved high-rate and low-temperature
performances [202], an acid etch in mineral acid solution with Co, Ni, Fe, salt of rare
earth elements or boric acid and other organic compounds [203]. Mitsubishi Metal
Corp. (later changed name to Mitsubishi Materials Corp, Tokyo, Japan) filed patent
applications about the use of AB2 [204–206], Mn-free [207] and S-, P-containing
AB5 [208], and AB5/A2B7 mixed phase [209] MH alloys as the negative electrode
active materials. Daido Steel (Nagoya, Aichi, Japan) filed three AB2 MH alloy
fabrication method patent applications [210–212]. TDK Corp. (Tokyo, Japan) filed
two patent applications about using V-based body-centered-cubic (bcc) MH alloys
as negative electrode materials [213,214] and one about arc melting together with
melt-spinning to produce bcc-type MH alloys, which are very sensitive to the oxygen
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content from the oxide crucible (Figure 14, [215]). Japan Steel Works Ltd. (Tokyo,
Japan) filed a patent application about an alkaline treatment for activation [216],
a method using Mg-alloy [217], Nb-containing AB2 [218,219], Fe-containing [220],
Mn-containing [221] and Mg-free [222] hyper-stoichiometric A2B7 superlattice alloys
for negative electrodes, and a cold crucible melting apparatus (Figure 15, [223]).
Showa Denko (Tokyo, Japan) also patented a centrifugal casting method for making
MH alloys (Figure 16, [224]). Sumitomo Metal Mining Co. (Tokyo, Japan), a major
Ni(OH)2 supplier, filed patent applications regarding porous metal substrates [225],
recycling from scrap of Ni/MH batteries [226,227], and a highly flexible metal
form with resin fiber [228]. Katayama Special Industries, Ltd. (Osaka, Japan) is a
supplier of a very flexible substrate for negative electrodes from power metallurgical
processes [229]. The company also filed a patent application to cover the areas of a
reinforced can structure with a hard layer to decrease the contact resistance [230] and
a wet-paste electrode fabrication method [231]. A special tri-layer with a punched
resin plate in the middle was patented by Toyoda Automatic Loom Works Ltd.
(now Toyota Industries Co., Kariya-shi, Aichi, Japan) to maintain electrolyte folding
power [232]. Toyo Ink SC Holding Co. (Tokyo, Japan) filed a patent application of ink
mixture for foil-shape Ni/MH batteries [233]. Japan Vilene Co. (Tokyo, Japan) is a
major sulfonated separator supplier and they filed patent applications to cover a PVA
sheet laminated with nonwoven fabric [234], a separator made of polyolefin fiber
graphed with polypropylene and polyethylene [235], and a fabrication method for a
separator with higher acid resistance [236]. A mechanical alloying apparatus using
an attritor to prepare MH alloys was patented by Nasu Denki Tekko Co. (Tokyo,
Japan, Figure 17 [237].)
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Figure 14. Schematic diagram of an arc melt and melt-spin preparation method for a body-centered-
cubic (bcc) alloy by TDK Corp. with numbered parts, 1: melting chamber; 2: casting chamber; 3: arc 
electrode; 4: arc; 5: molten metal; 6: hearth; 7: bottom plate; 8: nozzle; 9: rotary roll; 10: ribbon; 15: inert 
atmosphere providers during (a) melting and (b) casting. Reproduced from [215]. 

Figure 13. Schematic diagram of a gas atomization technique patented by Furukawa
Electric with numbered parts, 1: melting furnace; 2: inner wall of crucible; 3:
upper induction coil; 4: lower induction coil; 5: motor; 6: stopper rod; 7 and 8:
thermocouples; 9: slurry out; 10: gas nozzle; 11: water-cooled mold; 12: water pipe;
13A: melt; and 13B: partially solidified liquid. Reproduced from [199].

92



Batteries 2016, 2, 21 15 of 30 

applications about the use of AB2 [204–206], Mn-free [207] and S-, P-containing AB5 [208], and 
AB5/A2B7 mixed phase [209] MH alloys as the negative electrode active materials. Daido Steel 
(Nagoya, Aichi, Japan) filed three AB2 MH alloy fabrication method patent applications [210–212]. 
TDK Corp. (Tokyo, Japan) filed two patent applications about using V-based body-centered-cubic 
(bcc) MH alloys as negative electrode materials [213,214] and one about arc melting together with 
melt-spinning to produce bcc-type MH alloys, which are very sensitive to the oxygen content from 
the oxide crucible (Figure 14, [215]). Japan Steel Works Ltd. (Tokyo, Japan) filed a patent application 
about an alkaline treatment for activation [216], a method using Mg-alloy [217], Nb-containing AB2 
[218,219], Fe-containing [220], Mn-containing [221] and Mg-free [222] hyper-stoichiometric A2B7 
superlattice alloys for negative electrodes, and a cold crucible melting apparatus (Figure 15, [223]). 
Showa Denko (Tokyo, Japan) also patented a centrifugal casting method for making MH alloys 
(Figure 16, [224]). Sumitomo Metal Mining Co. (Tokyo, Japan), a major Ni(OH)2 supplier, filed patent 
applications regarding porous metal substrates [225], recycling from scrap of Ni/MH batteries 
[226,227], and a highly flexible metal form with resin fiber [228]. Katayama Special Industries, Ltd. 
(Osaka, Japan) is a supplier of a very flexible substrate for negative electrodes from power 
metallurgical processes [229]. The company also filed a patent application to cover the areas of a 
reinforced can structure with a hard layer to decrease the contact resistance [230] and a wet-paste 
electrode fabrication method [231]. A special tri-layer with a punched resin plate in the middle was 
patented by Toyoda Automatic Loom Works Ltd. (now Toyota Industries Co., Kariya-shi, Aichi, 
Japan) to maintain electrolyte folding power [232]. Toyo Ink SC Holding Co. (Tokyo, Japan) filed a 
patent application of ink mixture for foil-shape Ni/MH batteries [233]. Japan Vilene Co. (Tokyo, 
Japan) is a major sulfonated separator supplier and they filed patent applications to cover a PVA 
sheet laminated with nonwoven fabric [234], a separator made of polyolefin fiber graphed with 
polypropylene and polyethylene [235], and a fabrication method for a separator with higher acid 
resistance [236]. A mechanical alloying apparatus using an attritor to prepare MH alloys was 
patented by Nasu Denki Tekko Co. (Tokyo, Japan, Figure 17 [237].) 

 
Figure 13. Schematic diagram of a gas atomization technique patented by Furukawa Electric with 
numbered parts, 1: melting furnace; 2: inner wall of crucible; 3: upper induction coil; 4: lower 
induction coil; 5: motor; 6: stopper rod; 7 and 8: thermocouples; 9: slurry out; 10: gas nozzle; 11: water-
cooled mold; 12: water pipe; 13A: melt; and 13B: partially solidified liquid. Reproduced from [199]. 

(a) (b)

Figure 14. Schematic diagram of an arc melt and melt-spin preparation method for a body-centered-
cubic (bcc) alloy by TDK Corp. with numbered parts, 1: melting chamber; 2: casting chamber; 3: arc 
electrode; 4: arc; 5: molten metal; 6: hearth; 7: bottom plate; 8: nozzle; 9: rotary roll; 10: ribbon; 15: inert 
atmosphere providers during (a) melting and (b) casting. Reproduced from [215]. 

Figure 14. Schematic diagram of an arc melt and melt-spin preparation method for
a body-centered-cubic (bcc) alloy by TDK Corp. with numbered parts, 1: melting
chamber; 2: casting chamber; 3: arc electrode; 4: arc; 5: molten metal; 6: hearth;
7: bottom plate; 8: nozzle; 9: rotary roll; 10: ribbon; 15: inert atmosphere providers
during (a) melting and (b) casting. Reproduced from [215].Batteries 2016, 2, 21 16 of 30 
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are; 2: smelter; 3: induction coil; 4: deoxidant dispatcher; 40: container; 41: fall tube; 42: gate valve; 5: 
raw material feeder; 50: container; 51: fall tube; 52: gate valve; 53: hopper; 54: vibration feeder; 6: 
mixing box; 7: bottom of smelter; 8: drawing mechanism; 10: molten metal; and 10A: lower part of 
molten metal. Reproduced from [223]. 

 
Figure 16. Schematic diagram of a centrifugal casting method patented by Showa Denko. Parts labeled 
by numbers are 1: vacuum chamber; 2: induction furnace; 3a: primary stationary tundish; 3b: 
secondary shuttling tundish; 4a: rotary cylindrical mold; 4b: end plate; 5: ingot; and 6: rotation drive. 
Reproduced from [224]. 
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and 50: motor. Reproduced from [237]. 

Figure 15. Schematic diagram of a magnetic levitation (skull) melting method
patented by Japan Steel Works. Raw material and deoxidant were fed into the
top of the furnace. Parts labeled by numbers are; 2: smelter; 3: induction coil;
4: deoxidant dispatcher; 40: container; 41: fall tube; 42: gate valve; 5: raw material
feeder; 50: container; 51: fall tube; 52: gate valve; 53: hopper; 54: vibration feeder;
6: mixing box; 7: bottom of smelter; 8: drawing mechanism; 10: molten metal; and
10A: lower part of molten metal. Reproduced from [223].
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Figure 16. Schematic diagram of a centrifugal casting method patented by
Showa Denko. Parts labeled by numbers are 1: vacuum chamber; 2: induction
furnace; 3a: primary stationary tundish; 3b: secondary shuttling tundish;
4a: rotary cylindrical mold; 4b: end plate; 5: ingot; and 6: rotation drive.
Reproduced from [224].

Batteries 2016, 2, 21 16 of 30 

 
Figure 15. Schematic diagram of a magnetic levitation (skull) melting method patented by Japan Steel 
Works. Raw material and deoxidant were fed into the top of the furnace. Parts labeled by numbers 
are; 2: smelter; 3: induction coil; 4: deoxidant dispatcher; 40: container; 41: fall tube; 42: gate valve; 5: 
raw material feeder; 50: container; 51: fall tube; 52: gate valve; 53: hopper; 54: vibration feeder; 6: 
mixing box; 7: bottom of smelter; 8: drawing mechanism; 10: molten metal; and 10A: lower part of 
molten metal. Reproduced from [223]. 

 
Figure 16. Schematic diagram of a centrifugal casting method patented by Showa Denko. Parts labeled 
by numbers are 1: vacuum chamber; 2: induction furnace; 3a: primary stationary tundish; 3b: 
secondary shuttling tundish; 4a: rotary cylindrical mold; 4b: end plate; 5: ingot; and 6: rotation drive. 
Reproduced from [224]. 

 
Figure 17. Schematic diagram of mechanical alloying by Nasu Denki Tekko Co. with numbered parts, 
10: container; 11: drum section; 12: lateral section; 20: balls; 30: rotary body; 31: blade; 32: rotation axis; 
40: slewing mechanism; 41: motor; 42: auxiliary roller; 43: transmission shaft; 45: holder; 46: base plate; 
and 50: motor. Reproduced from [237]. 

Figure 17. Schematic diagram of mechanical alloying by Nasu Denki Tekko Co.
with numbered parts, 10: container; 11: drum section; 12: lateral section; 20: balls;
30: rotary body; 31: blade; 32: rotation axis; 40: slewing mechanism; 41: motor;
42: auxiliary roller; 43: transmission shaft; 45: holder; 46: base plate; and 50: motor.
Reproduced from [237].

94



2.3. Research Institutes

2.3.1. Industrial Research Institute

The Japan Government Industrial Research Institute (ISI, Osaka, Japan) was
established in 1918 and later merged into the National Institute of Advanced
Industrial Science and Technology (AIST) in 2001. ISI made two remarkable
contributions to the development of Ni/MH technologies. In the early days,
research works conducted by Osumi and his team [238–241] on the hydrogen storage
properties of the mish-metal based AB5 MH alloys paved the road for Ni/MH
battery commercialization. In 1993, a research team led by Kadir et al. [242] unveiled
the potential of Mg-Ni-based superlattice alloys, which are the base of today’s
eneloop products. Examples of patent applications filed by ISI are: MH alloys with a
Ni-rich surface made by electrical formation before the cells are assembled [243], a
multi-phase MH alloy made from a Ti-V bcc solid solution and a TiNi phase [244],
a multi-phase MH alloy made from AB5 main phase and an AB–AB3 minor phase,
where A is mainly Ti or Zr and B is mainly Ni [245], addition of a gas recombination
electrode made from Pd and Pt to reduce the oxygen evolution potential [246], and
an AB3 MH alloy containing rare earth and alkaline earth elements [247].

2.3.2. National Institute of Advanced Industrial Science and Technology

AIST (Tsukuba, Ibaraki, Japan) was reorganized in 2001 as an incorporated
administrative agency integrating 15 research institutes (including ISI) in Japan.
Today, AIST still continues its support for the hydrogen storage and battery
industries. AIST filed a patent application with Honda Motor using TiFe1-xPdx

as a low-cost alternative negative electrode active material [248]. AIST also filed
a patent application with JMC regarding a Laves phase based AB2 MH alloy
for use as a negative electrode active material [249]. In addition, AIST filed a
patent application with Mitsubishi Kasei Corp. (Tokyo, Japan) about the use of
a hypo-stoichiometric AB5 MH alloy [250]. Together with Hitachi Maxell and Yuasa,
AIST filed two patent applications about Mg-containing multi-phase MH alloys [251]
and rectangular Ni/MH batteries from wound electrodes [252]. With Yuasa, AIST
filed two patent applications for using Pr5Co19-structured [253] and layer-structured,
along c-direction [254], MH alloys in the negative electrode. AIST also filed two
patent applications with Asahi Kasei Corp. (Tokyo, Japan) about using a separator
with a porous polyolefin surface with a pore size between 0.01 µm and 1 µm [255]
and a pore size smaller than those in the positive and negative electrodes [256]. AIST
and Sumitomo Electric Industries filed a patent application regarding the use of a
Ni-coated non-woven fabric as the substrate to increase the loading of the negative
electrode active materials [257]. AIST and Kawasaki Heavy Industry filed two patent
applications about the use of a Ni-coated carbon fiber as the substrate and a final
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coating of an ion permeable polymer layer on top of the negative electrode [258] and
a Co-free superlattice MH alloy [259]. Patent applications filed solely by AIST itself
demonstrate the use of Mg-containing MH alloy in the Ni/MH battery [260] and a
porous foil substrate made from metal powder or fiber [261].

2.3.3. Toyota Central R & D Lab

Toyota Central Research & Development Laboratories, Inc. was established in
1960 in Nagakute-Shi, Aichi, Japan. It has approximately 1000 researchers working
on resource conservation, energy conservation, environmental preservation, and
safety. This company has been very active in the research of hydrogen storage alloys
and fuel cell applications. Their patent applications in the field of Ni/MH batteries
include: a surface treatment involving HF and NH4F mixed solution [262] and
stream [263] to activate MH alloys, a porous metallic film on the substrate to suppress
the deformation of the electrode [264], a high tap density positive material [265], a
surface to reduce hydrogen evolution during over-charge [266], a conductive powder
in the negative electrode to improve the HRD [267], a positive electrode suitable for
high-temperature applications [268], a method of suppressing or preventing memory
effects by adding an anion exchange membrane to the anode [269].

2.3.4. Other Research Institutes in Japan

Japan Aerospace Exploration Agency (JAXA, Tsukuba, Ibaraki, Japan) has
described a hydrophobic metal sponge layer inside a button cell as a gas
recombination center and the patent belongs to Toshiba [270]. Institute of Energy
Engineering Inc. (Tokyo, Japan) offered a solution to cool down large-format batteries
by inserting coolant-flowing channels inside the battery [271]. Imura Materials
Development Institute (Kariya, Aichi, Japan) filed patent applications regarding
fabrication of Mg-Cu composites [272] and V–(Ta, Nb)(Cr, Mn) [273] materials for
hydrogen storage applications, and V-based bcc [274], Ti–V solid solution bcc [275],
bcc–TiNi multi-phase [276] alloys for battery applications. Jointly with AIST, Imura
also filed a patent application about a deoxidation process for V-raw materials [277].
The International Center for Environmental Technology Transfer (ICETT, Yokkaichi,
Mie, Japan) was established in 1990 to coordinate efforts from industry, academia,
and the government to solve pollution issues. It filed two patent applications with
GS Yuasa for the use of LiOH as an additive in the electrolyte to prolong the cycle life
and improve the HRD performance [278] and a current-collector design to reduce
internal resistivity [279].
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2.4. Analysis

From the Japanese Patent Applications reviewed above, it is clear that scientists
and engineers in Japan contributed a large amount of efforts in the composition
fine-tuning, manufacturing process improvement, and special applications. Their
research covers from raw materials, active ingredients, additives, electrodes, cells,
modules, to the entire battery-powered systems. These patented approaches may
not be adopted in today’s commercial products, but they remain as alternative
choices when the demand or market situation changes. It is, thus, important to keep
track of these possible solutions to the past or current problems. Compared to the
Japanese Patent Applications, those filed in the US tend to be more fundamental
and less specific. For example, the methodologies to improve ultra-low-temperature
performance of the Ni-MH battery can be found in US Patent 7,344,677 describing a
surface oxide structure allowing electrolyte transportation at low-temperature [280]
and a Japanese Patent Application filing the use of TeO2 in the electrolyte [80]. The US
Patent is less material-specific and provides a general direction for the improvement.
Therefore, our suggestion is that, while the Japanese Patent Applications provide
more direct solutions to engineers working in the field, the US Patents (and
applications) are better guides for scientists looking for new ideas and approaches.

3. Conclusions

We have listed the key Japanese patent applications from the major Ni/MH
battery makers and component suppliers in Japan, covering a variety of topics,
including the composition and process design of the active materials and additives,
electrode fabrication process, cell assembly (Figure 18), and battery system
integration. In addition, we also use two examples to demonstrate the continuity
and the competition of the research in areas of additives to the negative electrode
associated with the superlattice alloys and the apparatus of MH alloy fabrication
using different methods. Compared to the US Patents, the Japanese patent
applications usually describe a specific composition formula range or detailed
description of the design with narrower scope and less elaboration. However, they
are described in full detail and are easier to interpret than the US Patents.
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improvement, and special applications. Their research covers from raw materials, active ingredients, 
additives, electrodes, cells, modules, to the entire battery-powered systems. These patented 
approaches may not be adopted in today’s commercial products, but they remain as alternative 
choices when the demand or market situation changes. It is, thus, important to keep track of these 
possible solutions to the past or current problems. Compared to the Japanese Patent Applications, 
those filed in the US tend to be more fundamental and less specific. For example, the methodologies 
to improve ultra-low-temperature performance of the Ni-MH battery can be found in US Patent 
7,344,677 describing a surface oxide structure allowing electrolyte transportation at low-temperature 
[280] and a Japanese Patent Application filing the use of TeO2 in the electrolyte [80]. The US Patent is 
less material-specific and provides a general direction for the improvement. Therefore, our 
suggestion is that, while the Japanese Patent Applications provide more direct solutions to engineers 
working in the field, the US Patents (and applications) are better guides for scientists looking for new 
ideas and approaches. 

3. Conclusions 

We have listed the key Japanese patent applications from the major Ni/MH battery makers and 
component suppliers in Japan, covering a variety of topics, including the composition and process 
design of the active materials and additives, electrode fabrication process, cell assembly (Figure 18), 
and battery system integration. In addition, we also use two examples to demonstrate the continuity 
and the competition of the research in areas of additives to the negative electrode associated with the 
superlattice alloys and the apparatus of MH alloy fabrication using different methods. Compared to 
the US Patents, the Japanese patent applications usually describe a specific composition formula 
range or detailed description of the design with narrower scope and less elaboration. However, they 
are described in full detail and are easier to interpret than the US Patents. 

  
(a) (b) (c) (d) (e) (f) 

Figure 18. Schematic diagrams of (a) a single tap (10) design from Sanyo [21]; (b) a
multiple welding spots (P) design from Yuasa [281]; (c) an addition of current-collect
plate (16) design from Panasonic [282]; (d) a foldable end-plate design (21) from
FDK [283]; (e) an insulating plate (32) design from FDK [77]; and (f) a positive
electrode current collector (15) design from Panasonic [284].
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Abbreviations

Ni/MH Nickel/metal hydride
HEV Hybrid electric vehicle
AIST Agency of Industrial Science and Technology
PEVE Panasonic EV Energy (now Primearth EV Energy)
MH Metal hydride
PTFE Polytetrafluoroethylene
HRD High-rate dischargeability
XRD X-ray diffractometer
PU Polyurethane
BMS Battery management system
JMC Japan Metals & Chemicals Co.
PVA Polyvinyl alcohol
ISI Industrial Research Institute
bcc Body-centered-cubic
JAXA Japan Aerospace Exploration Agency
ICETT International Center for Environmental Technology Transfer
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Capacity Degradation Mechanisms in
Nickel/Metal Hydride Batteries
Kwo-hsiung Young and Shigekazu Yasuoka

Abstract: The consistency in capacity degradation in a multi-cell pack (>100 cells) is
critical for ensuring long service life for propulsion applications. As the first step of
optimizing a battery system design, academic publications regarding the capacity
degradation mechanisms and possible solutions for cycled nickel/metal hydride
(Ni/MH) rechargeable batteries under various usage conditions are reviewed. The
commonly used analytic methods for determining the failure mode are also presented
here. The most common failure mode of a Ni/MH battery is an increase in the
cell impedance due to electrolyte dry-out that occurs from venting and active
electrode material degradation/disintegration. This work provides a summary
of effective methods to extend Ni/MH cell cycle life through negative electrode
formula optimizations and binder selection, positive electrode additives and coatings,
electrolyte optimization, cell design, and others. Methods of reviving and recycling
used/spent batteries are also reviewed.

Reprinted from Batteries. Cite as: Young, K.-h.; Yasuoka, S. Capacity Degradation
Mechanisms in Nickel/Metal Hydride Batteries. Batteries 2016, 2, 3.

1. Introduction

Nickel/metal hydride (Ni/MH) batteries are widely used in many energy
storage applications. Cycle stability is one of the key criteria in judging the
performance of rechargeable battery technology. The general observations regarding
failed Ni/MH cells are summarized in Figure 1. In order to further investigate the
mechanisms of capacity degradation and their relevant solutions to extend cycling
under normal and abuse conditions, we have chosen to begin with a review of the
significance of the Ni/MH battery in the overall battery market, its basic structure
and chemistry, and the analytical tools used to study and characterize its performance,
and to mainly focus on academic publications and reports. Patents detailing solutions
for extending cycle life are reviewed in two separate articles [1,2].

1.1. Significance of Nickel/Metal Hydride Batteries

Ni/MH batteries using an alkaline KOH electrolyte have been commercialized
for more than 25 years [3]. Because of its durability, abuse tolerance, compact size,
and environmental friendliness, Ni/MH battery applications have steadily expanded
from the traditional consumer market to include propulsion and telecommunications.
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However, due to its relatively low gravimetric energy density compared to the
rival Li-ion battery, the Ni/MH battery lost part of its market share in portable
electronic devices, such as notebook computers, cell phones, and digital cameras.
In the meantime, Ni/MH battery technology also invaded the primary alkaline
battery market because of its voltage compatibility and low self-discharge [4–6],
as well as the NiCd power tool market for its non-toxicity [7,8]. The success of
Ni/MH in powering hybrid electric vehicles (HEV) developed by a handful of
automobile manufacturers stems from its wide temperature range, abuse tolerance,
superb cycle stability, high charge and discharge rate capabilities, and environmental
friendliness [9]. One analyst even predicted a fourfold increase in Ni/MH battery
sales for HEV and EV markets from 2014 to 2020 [10]. Although the current industries
making pure battery-powered electric vehicles embrace Li-ion battery technology,
a Ni/MH pouch cell developed under a five million dollar Advanced Research
Projects Agency-Energy (ARPA-E) program has demonstrated a specific energy of
127 Wh¨kg´1 at the cell level with an estimated target of 148 Wh¨kg´1 [11]. With
the recent breakthrough of high-energy Si-negative electrodes capable of storing
3635 mAh¨g´1 (about ten times the current A2B7 alloy) [12], the future of Ni/MH
in the EV application appears very bright. From the beginning of their competition,
Ni/MH batteries have had higher volumetric energy density than Li-ion batteries,
due to the high density active materials (rare earth metal (RE) and transition metal
versus carbon-based products in the anode and nickel hydroxide versus lithiated
transition metal oxides in the cathode). With the improvements in specific energy,
a resurgence in Ni/MH batteries for applications that place a premium on space rather
than weight, such as portable displays, wearable electronic devices, and medical
devices, can be expected. As for large-scale high-power temporary energy storage
applications, the GIGACELL, made by Kawasaki Heavy Industries, demonstrates
superior performance using the Ni/MH chemistry [13,14]. In stationary applications,
its excellent cycle stability and wide operating temperatures, combined with the low
cost and easy manufacturability, have made Ni/MH the best choice [15]. The overall
outlook for Ni/MH battery technology shows that it has tremendous potential in
various energy storage applications following these new scientific discoveries and
process improvements—a far cry from being the 25-year obsolete veteran in the
battery business.
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Figure 1. Schematic diagram of three key factors leading to the major failure mode
of nickel/metal hydride (Ni/MH) cells—electrolyte dry-out.

1.2. Basic Structure of Nickel/Metal Hydride Battery

There are basically seven different types of Ni/MH batteries: cylindrical with
metal cases, stick (bubble gum shape), prismatic with metal cases, prismatic with
plastic cases, button cell, pouch cell [16], and flooded cell [17] (Figure 2). All but
button cell and pouch cell have a safety valve installed to prevent explosions from
gas build-up. A simple comparison between various construction types is shown in
Table 1. They all share some common parts: positive electrode, negative electrode,
separator, electrolyte, case, and safety valve (except button and pouch cells). The
basic electrochemistry reactions for the positive electrode, negative electrode, and
full cell are:

NipOHq2 ` OH´ Ô NiOOH ` H2O ` e´ pforward : charge, reverse : dischargeq (1)

M ` H2O ` e´ Ô MH ` OH´ pforward : charge, reverse : dischargeq (2)

NipOHq2 ` M Ô NiOOH ` MH pforward : charge, reverse : dischargeq (3)

where M is the hydrogen storage metal/alloy and MH is the hydride of metal
M. During the charge process, bi-valent Ni is oxidized into the tri-valent state
while metal M is reduced by the absorbed hydrogen atom. The most commonly
used positive electrode in the current Ni/MH battery technology consists of active
materials made of co-precipitated spherical hydroxides from Ni, Co, and Zn and
some binders, pasted onto Ni-foam via a wet method. Recently, a dry application of
spherical powder onto Ni-foam with no binder followed by immediate compaction
has also been used to increase the energy and power density of the cell. In some
high-temperature/high-rate applications, old sintered-type positive electrodes, based
on fibrous Ni on stainless steel plate, are still in commission. Co-coating of the
spherical particles and additives such as metallic Co and/or CoO and rare earth
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element (RE) oxides in the positive electrode paste are also popular. A review of the
synthesis and properties of Ni(OH)2 was recently reported [18].
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Table 1. Comparison of different types of Ni/MH battery packaging.

Shape Case material Sealed Manufacturability Cost Energy
density

Heat
dissipation

Abuse
tolerance

Cylindrical Metal Yes Easy Low High Easy High
Stick Metal Yes Medium Low High Easy High
Prismatic Metal Yes Medium High Low Easy Med
Prismatic Plastic Yes Medium High Low Hard Med
Button Metal Yes Easy Low Low Easy Low
Pouch Al foil Yes Easy Low Very high Easy Low
Cylindrical/prismatic Plastic/flooded No Easy Low Low Hard High

The most common metal hydride (MH) alloy used in the negative electrode is
a RE-based AB5 alloy. A typical atomic composition is La10.5Ce4.3Pr0.5Nd1.4Ni60.0

Co12.7Mn5.9Al4.7. Recently, RE- based A2B7 MH alloys have gained popularity in
high-energy and low self-discharge consumer type applications [4–6]. A typical atomic
composition of this type is La6.7Pr6.3Nd6.3Ni72.8Al4.0. Recent progress in MH alloys
for Ni/MH battery applications can be found in the following review article [19].
The negative electrode can be prepared by dry-compacting the MH powder directly
onto a Ni-mesh, Cu-mesh, expanded Ni, Ni foam, or expanded Cu substrates without
the use of a binder, or by wet-pasting a slurry with MH alloy, binder, and/or additives
onto nickel plated perforated stainless steel (NPPS).

A 30% KOH solution is widely used as the electrolyte for Ni/MH batteries due to
the balance of conductivity and freezing point temperature. Performance comparisons
for other concentrations [20] and alkaline metal hydroxides [21] are available. A small
amount of LiOH (1.5 g¨L´1), which has higher chemical reactivity, is added to boost
low-temperature performance, while in high-temperature applications, part or all of
the KOH is replaced by the less reactive (corrosive) NaOH to reduce corrosion. In the
current standard mass production of Ni/MH cells, no other specific additive is added
to the electrolyte.
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Grafted polypropylene (PP)/polyethylene (PE) non-woven fabric is today’s
standard separator material, and an overview has been published by Kritzer and
Cook [22]. While the regular separator is white in color, the sulfonated separator
is brownish and offers benefits to low self-discharge due to its ability to trap redox
shuttle substances, especially the nitrogen-containing compounds [23]. Both types of
separators can be found in current NiMH batteries.

1.3. Experimental Methods Used in Failure Analysis

A few analytic tools are frequently used to identify the failure mode of a cycled
Ni/MH battery [24–26]. Scanning electron microscope (SEM) with X-ray energy
dispersive spectroscopy (EDS) capability is commonly used to examine the degree
of pulverization, phase segregation, degree of oxidation, physical size changes, and
trapping of particulates. The different features found between the secondary electron
image and the backscattering electron image can be extrapolated into the changes
in the average atomic weight of the area of interest. EDS mapping is especially
useful in studying elemental distribution (for example, oxygen) in a relatively large
area (10–100 µm scale). While gas chromatography (GC) is used to identify the
gas composition in the cell, inductively coupled plasma (ICP) is used to examine
the metallic composition of any solid (electrode, separator, tap, etc.) or liquid
(remaining electrolyte and solution attained through Soxhlet extraction) content from
the autopsy of a cycled cell. Titration is another method to determine the content of
a specific element [27]. X-ray diffraction (XRD) is an important tool to study oxide
formation, phase changes, and microstructure changes in both negative [25,26,28,29]
and positive [30] electrodes.

Other tools are used less frequently in failure analysis. For example, transmission
electron microscope (TEM) is sometimes used to study the microstructure and
composition of the surface oxide from a cycled cell [31–33]. Magnetic susceptibility
(MS) measurements can be used to monitor the evolution of the count and
size of metallic Ni-clusters embedded in the surface oxide [26,34,35]. Both
X-ray photoelectron spectroscopy (XPS) [36–40] and Auger electron spectroscopy
(AES) [41] have been used to study the surface composition, with the former
being able to identify the oxidation state. The acoustic emission (AE) technique
has also been used to study the volume change and pulverization of the MH
alloy [42,43]. Fourier transform infrared spectroscopy (FTIR) has been used to
study the OH´ ligand in Ni(OH)2 [44–47]. Raman spectroscopy (RS) is another
optical measurement used to characterize the changes in the separator and positive
electrode [37,46–48]. Electrochemical impedance spectroscopy (EIS) or AC impedance
measurements are usually used to isolate components with different degrees of
degradation [49–52]. Polarization curves [53–56] and cyclic voltammetry (CV) [57–60]
are other electrochemical tools that can be used to study the evolution of electrode
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surface changes. Besides experiments with real batteries, empirical capacity
degradation models have also been previously developed [61–63].

2. Capacity Degradation

Battery failure can be separated into two categories: accidental and long-term
degradation. The former includes fire, electrical short-circuit, and physical damage.
In Table 2, we have listed a few common symptoms and possible causes that
originated the failure of the batteries. Long-term capacity loss under various test
conditions is discussed in the remainder of this section.

Table 2. Common Ni/MH battery failure symptoms and possible causes.

Symptom Reasons Possible causes

Battery short-circuit
Direct conducting
path between two
electrodes developed

‚ Separator punch-through
‚ Conducting debris from Cu-impurities
‚ Deformation of electrode causing direct contact between taps

Battery open-circuit Breakage of inside
connection

‚ Electrode breakage due to expansion/distortion
‚ Broken tap connection
‚ Complete electrolyte dry-out

Battery abuse Over-discharge and
overcharge

‚ Unbalanced capacity in positive and negative electrode
‚ Mismatched charger

Capacity decrease Electrode degradation

‚ Pulverization/oxidation of MH alloys in negative electrode
‚ Pulverization in spherical particle due to formation of

γ-NiOOH phase
‚ Decrease in the Co-conductive network in the positive electrode

Power decrease and
impedance increase

Electrolyte dry-out
‚ Venting from improper cell-balance
‚ Consumption due to oxidation

Electrode degradation

‚ Reduction in electrode active materials
‚ Increase of the surface oxide of negative electrode
‚ Loss of co-conductive network in positive electrode

Separator degradation

‚ Increase in fiber diameter
‚ Reduction in pore volume
‚ Impurity trapped internally
‚ Decomposition

Overheat during
charge Micro-shorting ‚ Conductive debris accumulation in separator

White deposits Electrolyte leak from
venting

‚ Improper closing of the cell
‚ Off-balance in the remaining electrode capacity
‚ Deterioration of gas recombination capability at the surface of

MH alloy
‚ Heavily oxidized electrode and/or electrolyte
‚ Failure in the safety vent
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2.1. Capacity Loss During Normal Cycling at Room Temperature

There are two types of capacity loss during cycling: reversible and irreversible.
The reversible part is also called self-discharge, which mainly occurs through six
pathways: shuttling effects from nitrogen containing compounds [64], shuttling
effects from soluble ions of multi-valence transition metals [65], micro-shorts [66]
from conducting/semiconducting deposits trapped in the separator [67,68],
hydrogen gas desorption from MH alloys [69–73], direct reaction between hydrogen
gas and NiOOH [69,73,74], and CoOOH protective/conductive coating breakdown
due to contamination from leached MH alloys [6]. Self-discharge accelerates with
rises in the environmental temperature. There is basically no self-discharge at below
´5 ˝C [75]. Before the low self-discharge Ni/MH battery was introduced (the
Eneloop cell from Sanyo using a combination of improved MH alloy, separator,
and positive active materials [6]), cells initially had a monthly 20%–30% capacity
reduction, which was then improved to a monthly loss of 5%–10% at room
temperature [76]. Modern low-self discharge Ni/MH consumer batteries have
self-discharge rates of less than 20% per year [6]. An automatically triggered
re-charging algorithm may be necessary for large-scale applications [77]. Common
methods used to suppress self-discharge in Ni/MH batteries are summarized in
Table 3. The irreversible capacity loss, which leads to failure of the battery, covers the
majority of this review.

Table 3. Summary of common methods used to suppress self-discharge in Ni/MH
batteries. The star system used in the effectiveness column in Tables 3–9 was
meant to show the relative strength in each method to address the problem
based on authors’ own experience. Interested readers are encouraged to read
the original article and to form their own opinions. PP: polypropylene; PTFE:
polytetrafluoroethylene; and CMC: carboxymethyl cellulose.

Method Direct impact Environmental
impact

Cost
impact Effectiveness References

Use of a sulfonated
separator

Removal of N-containing
compounds None Modest ‹‹‹‹‹ [22,78,79]

Use of an acrylic acid
grafted PP separator

Reduction in Al- and Mn-
debris formation in
separator

None None ‹‹‹‹ [80]

Removal of Co and Mn
in A2B7 MH alloy

Reduction in debris
formation in separator None None ‹‹‹‹‹ [6,81]

Increase of the amount of
electrolyte

Reduction in the hydrogen
diffusion in electrolyte None None ‹‹‹‹ [82]

Removal of
Cu-containing
components

Reduction in micro-short None None ‹‹‹‹‹ [83–85]

PTFE coating on positive
electrode

Suppression of reaction
between NiOOH and H2

None Negligible ‹‹‹‹ [86]
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Table 3. Cont.

Method Direct impact Environmental
impact

Cost
impact Effectiveness References

CMC solution dipping Suppression of oxygen
evolution None Negligible ‹‹‹‹ [87]

Micro-encapsulation of
Cu on MH alloy

Decrease in H2 released
from MH alloy None Modest ‹‹‹ [88]

Ni-B alloy coating on
MH alloy

Formation of a protection
layer None Modest ‹‹‹ [89]

Alkaline treatment of
negative electrode

Reduction of leach-out of
Mn and Al None Modest ‹‹‹‹ [90]

Addition of LiOH and
NaOH into electrolyte

Reduction in electrolyte
corrosion capabilities None None ‹‹‹‹ [75]

Addition of Al2(SO4)3
into electrolyte

Reduction in MH alloy
corrosion None Negligible ‹‹ [91]

Irreversible capacity losses under regular cycling conditions (temperature
between 20 ˝C and 30 ˝C, rated below 2C with one or a combination of reasonable
cut-off schemas during over-charge, such as those used in [26,29]) can be categorized
into five main categories: degradation of negative electrode active material
(MH alloy), degradation of positive electrode active material (spherical Ni(OH)2),
disintegration of the negative electrode, disintegration of the positive electrode, and
venting of cells.

Degradation in the negative electrode includes MH alloy pulverization due
to lattice expansion during hydrogenation [92–95] which results in poor electrical
and protonic conduction [49,95,96], alloy surface oxidation hampering electron and
proton conduction [36,52–54,93,94,97–101], and surface fluoride formation [36]. The
corrosion processes of AB5 MH alloys have been characterized by Maurel and
his coworkers using XRD, SEM, and TEM [102]. In the La-only A2B7 superlattice
MH alloy, the pulverization due to different sequences of hydrogenation between
Mg-containing A2B7 and Mg-free AB5 phases dominates the failure mode [25,103].

Degradation in the positive electrode includes swelling from γ-NiOOH
formation [67,104], breaking of the Co-conductive network [105], formation of
less electrochemically rechargeable γ-NiOOH [25,93,106], Co dissolution and
migration from the conductive network in the positive electrode [107], contamination
from leach-out products (Al and Mn) in the negative electrode, deteriorating
Co-conductive coating [27,104], and pulverization of positive electrode spherical
particles causing detachment of active material [68,108]. The increased surface area
in the positive electrode as a result of pulverization also deprives electrolyte from the
separator, which increases cell resistance [109].

The mechanical disintegration of the negative electrode may include breakage
of the NPPS substrate due to increased stress from electrode expansion/distortion
and MH alloy powder detachment from the substrate. The mechanical disintegration
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of the positive electrode may include breakage of the Ni-foam substrate due to
large amounts of stress from electrode expansion/distortion [110], especially in a
small wounded cylindrical cell [111], and separation of spherical particles from the
substrate [112]. Venting occurs when high pressure (mostly H2) is built up inside
the cell primarily from inadequate gas recombination capabilities of the MH alloy
surface and/or unbalanced capacity distribution [113], which results in reduced
electrolyte content [114].

2.2. Capacity Loss During Long-Term Room Temperature Storage

The irreversible capacity loss during long-term room temperature storage can
be attributed to the dissolution of the surface CoOOH conducting network [115,116],
corrosion/passivation of the negative electrode [23,117–119], decomposition of the
positive electrode [115], decomposition of the separator [116], and poisoning of the
positive electrode from cations that originate from the negative electrode [68,80,115].

2.3. Capacity Loss During High-Temperature Storage

Temperature is one of the key factors affecting cycle stability [120]. In addition to
the regular capacity losses described in Section 2.1, high-temperature environments
(ě45 ˝C) will accelerate the cell degradation through the following pathways:
oxidation rate increases at the surface of the MH alloy particles [121,122], dissolution
of Co-compounds in the Co-conductive network [113,123], higher self-discharge
rates that lower the cell voltage and result in further alloy oxidation, and separator
degradation [124]. The charging method used in the high-temperature range has to
be specially designed. First, the cell voltage tends to be lower at higher temperature,
which demands that a lower cut-off voltage be adopted during charging to prevent
over-charge [122] as it can be directly correlated to capacity degradation [125].
Next, the oxygen gas evolution potential in the positive electrode tends to decrease
with increased temperature, which forces the positive electrode to finish charging
prematurely and for which the ´∆V cut-off method is less effective [122,126,127].
Ni/MH batteries are also more sensitive to over-charge at elevated temperatures.
Ni/MH batteries overcharged at rates of 0.2C, 0.5C, and 1.0C for one month show
irreversible capacity losses of 12%, 30%, and 40%, respectively [126]. Different from
the irreversible capacity losses during high-temperature cycling, losses in capacity
observed during low-temperature cycling are recoverable when returned to room
temperature [74].

2.4. Capacity Loss Due to Low-Temperature Cycling

As stated above, low-temperature storage of Ni/MH batteries causes no
apparent damage to performance. However, Chen et al. [128] reported capacity
degradation during a ´20 ˝C cycling experiment with MH alloy pulverization, but
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the alloy corrosion was less serious compared to results from room temperature and
high temperature. At low temperatures, a special “surface icing” appears to form on
the MH alloy, further hindering electrochemical reactions and then disappearing at
higher temperature [129].

2.5. Capacity Loss Due to High-Rate Cycling

Fast charge acceptance is controlled by solid-state hydrogen diffusion [130], and
the diffusion coefficient of hydrogen decreases with increasing current density [131].
The increase in the degradation rate with fast charging typically originates from
an improper termination method for detecting the end of charge, which leads to a
large degree of over-charge especially within an aged cell [132]. The heat generated
from the internal resistance of the cell and the hydrogen-oxygen recombination
reaction cannot be dissipated quickly enough, and this results in an increase in the
cell temperature. Both the high rate and the high temperature conditions reduce
charging efficiency [133] and therefore both conditions facilitate similar failure
mechanisms, except that a high-rate cycled cell also shows electrode disintegration
from extraordinarily fast gas release [134] (mostly H2 [135]) as well as gas venting
due to the insufficient time for hydrogen-oxygen recombination [136,137]. As such,
fast charging of a large-sized Ni/MH battery is not recommended unless special
temperature monitoring devices are installed [138,139].

2.6. Capacity Loss in a Multi-Cell Module

Thus far, the discussion in this section has focused on the cell-level where most
of the capacity degradation occurs. In a single Ni/MH cell, both the over-charge (with
a state-of-charge (SOC) greater than 100%) and over-discharge (depth of discharge
(DOD) greater than 100%) conditions can be avoided by the proper monitoring of the
cell voltage. Because of the low risk of operating Ni/MH cells under disadvantageous
conditions, a multi-cell module or pack does not require voltage monitoring at
the cell-level whereas the Li-ion battery does. With the proper design of the
negative-to-positive capacity (n/p) ratio, the size of the over-discharge reservoir [113]
and the anticipated rates of capacity degradation in both electrodes, the over-charge
or the over-discharge of the cells only results in small amounts of oxygen gas or
hydrogen gas evolution, respectively, in the positive electrode [17]. The small
amounts of generated oxygen gas can be recombined with the hydrogen stored
in the negative electrode in case of over-charge, and the small amounts of generated
hydrogen gas can be stored in the negative electrode in case of over-discharge [113].
Repetitive gas evolutions from the positive electrode can result in both mechanical
disintegration of the electrode and cell venting to relieve the pressure, causing a loss
in capacity and an increase in cell impedance. The DOD in a multi-cell pack also
plays an important role in the cycle life performance. For example, an increase of
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DOD from 10% to 90% in a HEV Ni/MH pack can reduce cycle life from 5000 cycles
to 500 cycles [61]. For high-rate operation, as in a HEV, large swings in the SOC can
result in premature MH alloy pulverization.

3. Methods to Improve Cycle Stability

There are many academic publications and issued patents offering, at least,
partial solutions to the capacity loss problem during cycling. While patents
addressing cycle stability are reviewed in two other papers [1,2], the strategies
issued from the academic research community reviewed here fall under six general
categories: (1) cell designs guided mainly by n/p ratio, electrolyte loading, and
electrode thickness parameters; (2) active binder and additive material designs in
the negative electrode; (3) composition, coating, and paste additives in the positive
electrode; (4) choice of separator; (5) electrolyte; and (6) other components. Other
systematic maintenance protocols for battery packs using Ni/MH cells were reported
by Zhu and his coworkers [140].

3.1. Cell Design

In good Ni/MH cell design, an appropriate n/p ratio is critical to the balance
of the various performance requirements in a specific application. For instance, a
high energy consumer cell, a general purpose cell, and a high-rate cell may have
n/p ranges of 1.05–1.2, 1.4–1.6, and 1.8–2.2, respectively. Adequate distribution of
the extra negative electrode capacity into the over-charge-reservoir (OCR) and the
over-discharge-reservoir (ODR) to avoid cell-venting is especially critical, particularly
near the end of service life [116]. Nearly all cases of venting are due to short-circuits in
the OCR that arises from material oxidation and γ-NiOOH formation that overwhelm
the ODR. Other important design parameters that impact cycle life performance
are electrolyte loading and electrode thickness. The amount of electrolyte added
to the cell is proportional to cycle life, but too much electrolyte will eliminate
the gas recombination centers and cause venting during formation. Optimal
electrolyte loading is about 1.7–1.9 g¨A´1¨h´1 [141]. Thicker electrodes can improve
the gravimetric and volumetric energy densities of the battery at the expense of
high-rate discharge capability and mechanical integrity of the electrode. Methods for
improving cycle performance through cell design are summarized in Table 4.
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Table 4. Summary of cycle stability improvement methods related to cell design.
ODR: over- discharge-reservoir; and n/p: negative-to-positive capacity.

Method Direct impact Environmental
impact

Cost
impact Effectiveness References

Pre-charge of the positive
electrode Reduction of ODR None Negligible ‹‹‹‹‹ [142,143]

Increase in the n/p ratio Trade-off of capacity for
longer life None None ‹‹‹‹‹ [134,144]

Optimization of
electrolyte loading

Balance between cycle life
and production yield None None ‹‹‹‹ [141]

Optimization of positive
electrode thickness

Reduction in electrode
breakage None None ‹‹‹‹ [145]

Pre-charge during the
formation process Protection of MH alloy None Negligible ‹‹‹ [146]

3.2. Negative Electrode

While studies of degradation in MH alloys such as AB2 [147–153], Mg-Ni [154–157],
and V-based body-center-cubic [158] are available, we will singularly focus on the
discussion of misch-metal based AB5 and A2B7 superlattice MH alloys and their
related electrode properties. In this section, improvements in cycle stability related
to the negative electrodes are summarized in Table 5 and are categorized by alloy
formula, alloy preparation, alloy post-treatment, electrode additives, and different
electrode types.
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3.3. Positive Electrode

Currently, the most commonly used positive active material is a spherical
hydroxide co-precipitated from sulphates [45] of Ni, Co, and Zn [217]. Ni has been
in active use for more than one hundred years due to the chemical reversibility
between Ni2+ and Ni3+ and a voltage slightly above the oxygen gas evolution
potential that maximizes energy density for aqueous chemistries. Both Zn and
Cd [218] are good suppressors of γ-NiOOH formation, which causes swelling of
the positive electrode and consequently premature failure, but Cd is highly toxic to
the environment. The element Co is interesting in that it has oxides with different
oxidation states (CoO, Co2O3, Co3O4, β-CoOOH, β-H0.5CoO2 [219], and Co4+ [220]).
The mechanism of reaction for Co in alkaline solution is rather complicated [38,221],
but a simplified version for electrochemical engineers can be used as a guideline.
Co in a +2 state is not a good conductor for electrons or protons, and it is only
slightly soluble in 30% KOH. Co can be oxidized into the +3 state through solid-state
reaction [222], and it is a good conductor for both electrons and protons due
to the half-filled proton plane between two Co-O layers in the CoOOH crystal
structure; however, the reaction is not easily reversible. The presence of Co4+ through
a solid-state reaction can be detected at charge rates greater than C/5, and it can be
reduced back to Co3+ at a potential of 1.05 V versus Cd-electrode [220]. There are
three general methods for incorporating Co into the positive electrode of Ni/MH
batteries, which leverage the irreversible oxidation of Co2+ in the normal operation
voltage range (>0.63 V versus Cd-electrode [220]). First, Co co-precipitated with
the spherical hydroxide particles form Co3+ to enhance the electron and proton
conductivities for Ni(OH)2. Second, the addition of Co, CoO, or other Co-compound
into the electrode paste allows the formation of a CoOOH conductive network that
surround the spherical Ni(OH)2 particles. This Co-conductive network is crucial
for the operation of Ni/MH batteries, especially at high rate conditions, but they
can have issues with distribution, thickness uniformity, and severe degradation
at high-temperatures [223]. A third method involves adding a pre-coating of
CoOOH onto the spherical particles prior to making the slurry for the electrode
paste, which can involve a wet-precipitation [224–226], a mud-slurry [227], or a
dry mixing method. The use of Co in the pre-coating form is the most effective
and economical method, and thus is indispensable in high-end Ni/MH consumer
products. Suggestions to improve cycle stability related to the positive electrode are
summarized in Table 6 and are categorized by spherical particle composition and
size, coatings, additives, fabrication process, and substrates.
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3.4. Separator

The selection of the separator has a strong impact on the discharge capacity,
voltage, and cycle stability [278]. Degradation related to the separator under storage
and cycling conditions includes: (1) lower rates of electrolyte permeation in the
separator; (2) lower electrolyte holding capability; (3) reduction in the separator
volume due to electrode expansion; and (4) reduced gas recombination abilities [96].
Degradations (1) and (2) can be attributed to the debris formed in the separator as
precipitation products (ZnMn2O4) of ions leached from the negative and positive
electrodes [23,67]. These deposits not only offer a path for self-discharge, but also
reduce the ionic conductivity and electrolyte holding capacity by filling the fine pores
in the separator [26,29]. Degradation (3) can be traced to swelling of the positive
electrode active material that accompanies over-charging, converting β-NiOOH to
γ-NiOOH with Al-contamination leached from the negative electrode [29]. Methods
to address separator degradation are listed in Table 7.

Table 7. Summary of cycle stability improvement methods related to the separator.
EVOH: ethylene- vinyl alcohol copolymer; and AMPE: alkaline microporous
polymer electrolyte.

Method Direct impact Environmental
impact Cost impact Effectiveness References

Sulfonated separator Reduction in N-compound
shuttling effects None Modest ‹‹‹‹‹ [23,279–282]

Grafted acrylic acid/PP Improvement in electrolyte
holding capability None Negligible ‹‹‹ [283]

Polymer gel-type Improvement in durability None Negligible ‹‹‹ [284,285]

Hydroentangled CMC
composite Improvement in integrity None Negligible ‹‹‹ [286]

EVOH Improvement in integrity Cytotoxic Modest ‹‹‹ [287,288]

AMPE Improvement in
voltage window None Modest ‹‹ [289]

Addition of a
K-conducting
solid oxide film

Elimination of
cross-contamination from the
negative electrode

None High ‹‹ New idea

3.5. Electrolyte

The earliest indication of performance degradation is a decrease in cell voltage,
which can be traced to a reduction in the amount of electrolyte stored in the
separator [50]. Electrolyte losses can be traced to: (1) electrode active material
expansion and pulverization, causing an increase in surface area and the wicking of
electrolyte away from the separator [54,290]; (2) venting of the cell; and (3) oxidation
of metal [98,290]. The contamination in/through the electrolyte is also crucial for the
life of both electrodes. Strategies involving the modification of electrolyte that can
enhance cycle life performance in Ni/MH batteries are listed in Table 8.
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Table 8. Summary of cycle stability improvement methods related to the electrolyte.

Method Direct impact Environmental
impact

Cost
impact Effectiveness References

Reduction in KOH
concentration Slow-down in alloy oxidation None None ‹‹‹‹ [291]

Replacement with
NaOH Slow-down in alloy oxidation None Negligible ‹‹‹‹‹ [292]

ZnO additives Slow-down in alloy oxidation None Negligible ‹‹‹ [293]

LiOH additives Prevention of K+ migrating into Ni(OH)2 and
suppression of Fe-poisoning None Negligible ‹‹‹ [93]

Al2(SO4)3 additives Slow-down in alloy oxidation None Negligible ‹‹‹ [91]

NaH2PO4 additives Formation of a Ni-rich surface on MH alloy None Negligible ‹‹‹ [294]

NaBO2 additives Improvement of high-temperature cycle stability None Negligible ‹‹‹ [295]

Na2WO4 additives Increase in oxygen evolutionary potential None Negligible ‹‹‹ [296]

K4Fe(CN)6 additives Prevention of electrolyte decomposition Highly toxic Modest ‹‹‹ [297]

Use of gel-type
electrolyte

Reduction in corrosion and pulverization in the
positive electrode None Modest ‹‹‹ [298,299]

Use of polymer
electrolyte

Wide voltage window and better
mechanical integrity None Modest ‹‹‹‹ [300–310]

3.6. Other Components

Strategies to improve cycle stability not covered in Sections 3.1–5 are
summarized in Table 9, which include charging processes, formation processes,
storage conditions, and hardware modifications.

Table 9. Summary of cycle stability improvement methods related to other components.
OCV: open-circuit voltage.

Method Direct impact Environmental
Impact

Cost
impact Effectiveness References

Install super water absorbing
material at cell bottom Reservoir for additional electrolyte None Negligible ‹‹‹‹‹ [104]

Maintain cell OCV above 1.0 V
Prevention of Co dissolution and migration
from the conductive network in the
positive electrode

None None ‹‹‹‹ [107,311,312]

Maintain cell OCV above 1.1 V
Prevention of Co dissolution and migration
from the conductive network in the
positive electrode

None None ‹‹‹‹‹ [313]

Reduction of depth of
discharge

Prevention of swelling in the
positive electrode None None ‹‹‹‹‹ [110]

Reduction of number of
shallow depth discharge Prevention of memory effect None None ‹‹‹‹‹ [314]

Implementation of
an improved battery
management system

Prevention of abuse None Modest ‹‹‹‹‹ [315]

Pulse charging Reduction in heat generated None Negligible ‹‹‹ [316]

Optimization of formation
parameters Reduction in cell performance variation None None ‹‹‹‹ [317,318]

Battery sealing under vacuum Reduction in inner pressure None Modest ‹‹ [319]

Improvement in sealing
technology Prevention of electrolyte leak None Negligible ‹‹ [320,321]

4. Revival of Degraded/Failed Battery

After long-term storage, a few small-current charge/discharge cycles can
bring back some of the lost capacity in Ni/MH batteries [322,323]. A more
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complicated method proposed by Li and Meng [324] involves 33% SOC small-current
charge, high-temperature storage (45–60 ˝C for 20–24 h), and a small current
charge/discharge cycle to restore at least part of the lost capacity. Its strategy is
to redistribute the Co-conductive network that was destroyed during storage. An
alternative method uses ultrasound to disperse active materials from both electrodes
in order to create a fresh surface and increase the capacity and power of the used
cells [325].

Since the most common failure mode for Ni/MH batteries is electrolyte dry-out,
opening cycled cells and refilling with fresh electrolyte can restore the capacity almost
to the level before cycling [204]. For re-activation of MH alloy, a patent describes
a method of recycling a deteriorated nickel-hydrogen battery by cleaning the cells
with a concentrated sulfuric acid containing at least one type of Ni ion, Co ions,
and La ions [326]. The concentrated sulfuric acid is poured into the deteriorated
nickel-hydrogen battery and maintained at a temperature of 60 ˘ 10 ˝C while an
electric current is applied to charge the nickel-hydrogen battery. After cleaning, the
interior of the nickel-hydrogen battery is filled with an alkaline electrolyte containing
a reducing agent. Consequently, γ-NiOOH converts to β-NiOOH, which restores the
capacity of the positive electrode, and RE(OH)3, Al(OH)3, Mn(OH)2, and Co(OH)2

dissolve in the concentrated sulfuric acid to activate the negative electrode surface.
In addition, the hydrophilic properties of the separator are restored following this
method. Recycling used negative electrodes is also possible through the removal of
oxide by acetic acid [327]. At the end of usable cycle life, procedures of dismantling,
recovery, and reuse of spent Ni/MH batteries have been reported by Nan et al. [328,
329], Tenorio and Espinosa [330], Bertuol et al. [331], Zhang et al. [332], Rodrigues and
Mansur [333], Muller and Friedrich [334], Rabah et al. [335], Santos et al. [336], and
Larsson et al. [337]. U.S. Patents regarding recycling Ni/MH batteries are reviewed
in a separate article [2].

5. Conclusions

Various failure modes and capacity degradation mechanisms are reviewed
here. Solutions to enhance the cycle stability have been summarized in seven tables
covering cell design, negative and positive electrodes, separator, electrolyte, and
other hardware. After investigating the capacity-fade issue in a single cell, the next
step is to study the consistency in the capacity degradation in a battery module
composed of multiple cells.
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Gaseous Phase and Electrochemical
Hydrogen Storage Properties of Ti50Zr1Ni44X5
(X = Ni, Cr, Mn, Fe, Co, or Cu) for
Nickel Metal Hydride Battery Applications
Jean Nei and Kwo-Hsiung Young

Abstract: Structural, gaseous phase hydrogen storage, and electrochemical properties
of a series of the Ti50Zr1Ni44X5 (X = Ni, Cr, Mn, Fe, Co, or Cu) metal hydride
alloys were studied. X-ray diffraction (XRD) and scanning electron microscopy
(SEM) revealed the multi-phase nature of all alloys, which were composed of a
stoichiometric TiNi matrix, a hyperstoichiometric TiNi minor phase, and a Ti2Ni
secondary phase. Improvement in synergetic effects between the main TiNi and
secondary Ti2Ni phases, determined by the amount of distorted lattice region in TiNi
near Ti2Ni, was accomplished by the substitution of an element with a higher work
function, which consequently causes a dramatic increase in gaseous phase hydrogen
storage capacity compared to the Ti50Zr1Ni49 base alloy. Capacity performance is
further enhanced in the electrochemical environment, especially in the cases of the
Ti50Zr1Ni49 base alloy and Ti50Zr1Ni44Co5 alloy. Although the TiNi-based alloys in the
current study show poorer high-rate performances compared to the commonly used
AB5, AB2, and A2B7 alloys, they have adequate capacity performances and also excel
in terms of cost and cycle stability. Among the alloys investigated, the Ti50Zr1Ni44Fe5

alloy demonstrated the best balance among capacity (394 mAh¨g´1), high-rate
performance, activation, and cycle stability and is recommended for follow-up full-cell
testing and as the base composition for future formula optimization. A review of
previous research works regarding the TiNi metal hydride alloys is also included.

Reprinted from Batteries. Cite as: Nei, J.; Young, K.-H. Gaseous Phase and
Electrochemical Hydrogen Storage Properties of Ti50Zr1Ni44X5 (X = Ni, Cr, Mn,
Fe, Co, or Cu) for Nickel Metal Hydride Battery Applications. Batteries 2016, 2, 24.

1. Introduction

Nickel/metal hydride (Ni/MH) batteries have been used commercially for more
than 25 years since their debut in 1989 by Ovonic, Matsushita, and Sanyo. Ni/MH
batteries were once very popular for consumer applications, which have since largely
shifted to Li-ion battery. Moreover, high-power Ni/MH battery technology is still
the choice of today’s hybrid electric vehicles. Presently, the same battery chemistry is
entering into the market of stationary applications, which require a wide temperature
range and a durable cycle stability [1,2]. This market is currently dominated by a less
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environmentally safe chemistry, lead-acid battery. However, comparison between
General Motors EV1 electric vehicles powered by the lead-acid and Ni/MH battery
packs reveals that using the Ni/MH battery technology not only nearly doubles
the driving range with its higher energy density, but it also offers longer service
life [3,4]. Those two proven advantages make Ni/MH battery technology a great
contender for the stationary market. In fact, the only advantage lead-acid battery
has compared to Ni/MH battery is cheaper price. Therefore, there is a large driving
force for cost-efficiency in the development of novel Ni/MH battery technology. One
of the major components in Ni/MH battery is the negative electrode, which is an
intermetallic compound that is capable of hydrogen storage, or in other words, a
metal hydride (MH) alloy. Hydrogen storage intermetallic compounds have been
extensively reviewed according to alloy type, application, and hydrogen absorption
mechanism recently [5–12]. Among the many candidates of MH alloys [10], both the
Ti-Ni and Mg-Ni systems have an advantage with regard to cost. The Mg-Ni-based
MH alloys, being the cheapest, suffer from a severe capacity degradation with the
current 30 wt% KOH electrolyte, leaving the Ti-Ni alloy system as the next choice for
cost reduction. Raw material cost for 99.6% pure Ti sponge is approximately $8/kg,
which is a very attractive alternative to the more expensive Zr or unstably priced
rare earth elements used in today’s Ni/MH battery.

The earliest Ni/MH batteries were demonstrated in the early 1970s and based
on the Ti-Ni MH alloy system [13,14]. However, the first commercial Ni/MH battery
products were fabricated with the misch metal-based AB5 and transition metal-based
disorder AB2 MH alloys due to their improvements in cycle life. According to
the Ti-Ni binary phase diagram [15], two intermetallic compounds can be used as
hydrogen storage alloys: TiNi and Ti2Ni. To achieve an optimal balance between
storage capacity and high-rate dischargeability (HRD) for room-temperature battery
operation, a stoichiometry of B/A close to two is ideal for the TiZrNi-based AB2 MH
alloys (Figure 1). With regard to a pure Ti-Ni system, however, eliminating Zr means
that the B/A ratio must be reduced since the heat of hydride formation (∆Hh) of Ti is
higher than ∆Hh of Zr [16]. Therefore, TiNi is the better selection of the two available
Ti-Ni intermetallic compounds. In addition, chemical modification can be adopted to
further adjust the metal-hydrogen bond strength. The introduction of other elements
can also increase the chance of secondary phase formation and consequently increase
the electrochemical capacity through synergetic effects [17].

TiNi is a shape memory alloy. Upon cooling, TiNi is first solidified into a B2 cubic
structure (austenite) and later to a B19’ monoclinic structure (martensite). The shape
at higher temperatures (austenite) is memorized and restored after thermal treatment
to the deformed alloy with a martensite structure. Previous research efforts for
electrochemical applications with the TiNi alloys are summarized in Table 1. While
earlier works focused on the alloys produced by arc melting, induction melting,
or other bulk ingot production methods, later works focused more on the powder
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produced by mechanical alloying. With the severe cycle stability problems observed
in the MgNi-based MH alloys prepared by a combination of melt spinning and
mechanical alloying [18], we choose induction melting as our first alloy preparation
method for the current study. Furthermore, the substitution effects from various
transition metals on the structural, gaseous phase, and electrochemical properties
are investigated in this study.
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Figure 1. Plot of the heat of hydride formation for metal hydride vs. the corresponding Ni-content. 
Hydride formers, such as Mg, Ti, and La, have metal-hydrogen bonds that are too strong for room 
temperature nickel/metal hydride (Ni/MH) battery applications (a ΔHh between −25 kJ·mol H2−1 and 
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Figure 1. Plot of the heat of hydride formation for metal hydride vs. the corresponding
Ni-content. Hydride formers, such as Mg, Ti, and La, have metal-hydrogen bonds
that are too strong for room temperature nickel/metal hydride (Ni/MH) battery
applications (a ∆Hh between ´25 kJ¨mol H2

´1 and ´40 kJ¨mol H2
´1 is desirable).

Therefore, alloying hydride formers with Ni can adjust the bond strength and increase
the electrochemical activity.
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2. Experimental Setup

Each alloy sample was prepared in a 2-kg induction furnace with an MgAl2O4

crucible, an alumina tundish, and a pancake-shaped steel mold under an
argon atmosphere. Chemical composition for the ingot was analyzed using a
Varian Liberty 100 inductively coupled plasma optical emission spectrometer
(ICP-OES, Agilent Technologies, Santa Clara, CA, USA). A Philips X’Pert Pro
X-ray diffractometer (XRD, Amsterdam, The Netherlands) was used to study
the microstructure, and a JEOL-JSM6320F scanning electron microscope (SEM,
Tokyo, Japan) with energy dispersive spectroscopy (EDS) capability was used to
study the phase distribution and composition. Gaseous phase hydrogen storage
characteristics for each sample were measured using a Suzuki-Shokan multi-channel
pressure-concentration-temperature (PCT, Tokyo, Japan) system. For the PCT
analysis, each sample (a single piece of ingot with newly cleaved surfaces and
a weight of about 4–5 g) was first activated by several thermal cycles between 300 ˝C
and room temperature under 2.5 MPa H2 pressure. PCT isotherms at 90 ˝C and
120 ˝C were then measured. Details of the electrode and cell preparations, as well as
the electrochemical measurement methods, have been previously reported [18,69].
Magnetic susceptibility was measured using a Digital Measurement Systems Model
880 vibrating sample magnetometer (MicroSense, Lowell, MA, USA).

3. Results

3.1. Alloy Preparation

Six alloys with the design compositions Ti50Zr1Ni44X5 (X = Ni, Cr, Mn, Fe, Co,
or Cu) were prepared by induction melting. A slightly hypostoichiometric TiNi
formulation with a small addition of Zr (has a higher metal-hydrogen bond strength
compared to Ti) in the A-site was adopted to increase the degree of disorder (DOD)
and consequently improve the electrochemical properties. Zr is also an oxygen
scavenger, forming oxide slag in the melt that can be separated by the tundish [70].
Furthermore, adding Zr can possibly reduce capacity degradation by suppressing
passivation caused by the thick TiO2 surface oxide layer [71]. Compositions of the
six alloys, verified by ICP and shown in Table 2, are very close to their design values.

3.2. X-Ray Diffraction Analysis

XRD patterns of the six alloys are shown in Figure 2. Two sets of diffraction
peaks, the main TiNi phase with a B2 cubic structure (belonging to the space group
Pm3m) and the secondary Ti2Ni phase with an E93 face-centered cubic structure
(belonging to the space group Fd3m), are observed in all alloys. Crystal structures of
TiNi and Ti2Ni generated by the XCrySDen software [72] are shown in Figure 3.
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Table 2. Design compositions (in bold) and inductively coupled plasma (ICP)
results (in at %). B/A is the atomic ratio of B-atom (elements other than Ti and Zr)
to A-atom (Ti and Zr).

Alloy TN-X Source Ti Zr Ni X B/A

TN-Ni
Design 50.0 1.0 49.0 - 0.96

ICP 50.0 0.6 49.4 0.0 0.98

TN-Cr
Design 50.0 1.0 44.0 5.0 0.96

ICP 49.7 1.1 44.4 4.7 0.97

TN-Mn
Design 50.0 1.0 44.0 5.0 0.96

ICP 49.2 1.0 44.9 4.9 0.99

TN-Fe
Design 50.0 1.0 44.0 5.0 0.96

ICP 49.9 1.0 44.3 4.8 0.96

TN-Co
Design 50.0 1.0 44.0 5.0 0.96

ICP 49.8 0.9 44.5 4.8 0.97

TN-Cu
Design 50.0 1.0 44.0 5.0 0.96

ICP 49.5 1.3 44.5 4.7 0.97
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Figure 2. X-ray diffraction (XRD) patterns using Cu-Kα as the radiation source for alloys: (a) TN-Ni; 
(b) TN-Cr; (c) TN-Mn; (d) TN-Fe; (e) TN-Co; and (f) TN-Cu. Besides the main TiNi phase with a cubic 
B2 structure, a secondary Ti2Ni phase with a cubic structure and a larger lattice constant can be also 
identified. 

 

 

(a) (b)

Figure 3. Crystal structures of (a) TiNi with a B2 cubic structure and (b) Ti2Ni with an E93 face-
centered cubic structure generated using the XCrySDen software [72]. 

Full XRD pattern fitting was performed using the Rietveld refinement and Jade 9 Software to 
obtain the lattice parameters, crystallite sizes, and phase abundances, and the results are listed in 
Table 3. Lattice constant a of the TiNi phase in alloy TN-Ni is smaller than that found in the 
stoichiometric TiNi alloy [73]. Although the overall alloy formulation is hypostoichiometric, 
formation of the Ti2Ni phase increases the B/A ratio in the TiNi phase, which contributes to the 
reduction in its lattice constant from that of the stoichiometric TiNi phase due to either Ni into Ti-

Figure 2. X-ray diffraction (XRD) patterns using Cu-Kα as the radiation source
for alloys: (a) TN-Ni; (b) TN-Cr; (c) TN-Mn; (d) TN-Fe; (e) TN-Co; and (f) TN-Cu.
Besides the main TiNi phase with a cubic B2 structure, a secondary Ti2Ni phase
with a cubic structure and a larger lattice constant can be also identified.

168



Batteries 2016, 2, 24 7 of 24 

 
Figure 2. X-ray diffraction (XRD) patterns using Cu-Kα as the radiation source for alloys: (a) TN-Ni; 
(b) TN-Cr; (c) TN-Mn; (d) TN-Fe; (e) TN-Co; and (f) TN-Cu. Besides the main TiNi phase with a cubic 
B2 structure, a secondary Ti2Ni phase with a cubic structure and a larger lattice constant can be also 
identified. 

 

 

(a) (b)

Figure 3. Crystal structures of (a) TiNi with a B2 cubic structure and (b) Ti2Ni with an E93 face-
centered cubic structure generated using the XCrySDen software [72]. 

Full XRD pattern fitting was performed using the Rietveld refinement and Jade 9 Software to 
obtain the lattice parameters, crystallite sizes, and phase abundances, and the results are listed in 
Table 3. Lattice constant a of the TiNi phase in alloy TN-Ni is smaller than that found in the 
stoichiometric TiNi alloy [73]. Although the overall alloy formulation is hypostoichiometric, 
formation of the Ti2Ni phase increases the B/A ratio in the TiNi phase, which contributes to the 
reduction in its lattice constant from that of the stoichiometric TiNi phase due to either Ni into Ti-

Figure 3. Crystal structures of (a) TiNi with a B2 cubic structure and (b) Ti2Ni with
an E93 face-centered cubic structure generated using the XCrySDen software [72].

Full XRD pattern fitting was performed using the Rietveld refinement and Jade 9
Software to obtain the lattice parameters, crystallite sizes, and phase abundances,
and the results are listed in Table 3. Lattice constant a of the TiNi phase in alloy
TN-Ni is smaller than that found in the stoichiometric TiNi alloy [73]. Although
the overall alloy formulation is hypostoichiometric, formation of the Ti2Ni phase
increases the B/A ratio in the TiNi phase, which contributes to the reduction in
its lattice constant from that of the stoichiometric TiNi phase due to either Ni into
Ti-anti-site or Ti-vacancy defects. Lattice constants a’s of TiNi in all substituted alloys
are larger than that in the base alloy TN-Ni. Since all substituting elements are larger
than Ni but much smaller than Ti, they occupy the Ni-site and increase the lattice
constant. In Figure 4a, TiNi lattice constant a is correlated with the atomic radius
of substituting element in the Laves phase [74] (a value used to simulate the size of
substituting element in the TiNi phase), and a linear dependency can be observed.
However, such correlation is not seen in the plot of Ti2Ni lattice constant a versus
the atomic radius of substituting element in the Laves phase (Figure 4b), which is
due to the change in B/A ratio of the Ti2Ni phase from 0.51 to 0.70 as revealed by
SEM/EDS (see Section 3.3). All alloys show similar TiNi/Ti2Ni abundance ratios
except for alloys TN-Ni and TN-Cu, where the Ti2Ni phase abundance is higher than
those in other alloys. Moreover, crystallite sizes of TiNi and Ti2Ni were estimated by
the Scherrer equation [75] using the full widths at half maximum of the TiNi (110)
peak and Ti2Ni (511) peak in the XRD patterns, and the results are listed in Table 3.
Both the crystallite sizes of the TiNi and Ti2Ni phases in the base alloy TN-Ni are
much smaller than those in the substituted alloys. Partial replacement of Ni with
other elements may increase the peritectic temperature [76], leaving more time for
the crystallites to grow.
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Alloy 
TN-X 

a of TiNi 
(Å) 

a of Ti2Ni 
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TiNi Abundance
(wt%) 

Ti2Ni Abundance
(wt%) 

TiNi Crystallite 
Size (Å) 

Ti2Ni Crystallite 
Size (Å) 

TN-Ni 2.993 11.310 68.7 31.3 139 448 
TN-Cr 3.014 11.305 75.5 24.5 368 804 
TN-Mn 3.015 11.311 78.4 21.6 251 >1000 
TN-Fe 3.003 11.306 80.7 19.3 346 812 
TN-Co 3.008 11.315 80.6 19.4 212 655 
TN-Cu 3.010 11.321 71.6 28.4 206 727 

3.3. Scanning Electron Microscopy/Energy Dispersive Spectroscopy Study 

Microstructures of the six alloys were studied using SEM, and the resulting 100× and 1000× back-
scattering electron images (BEI) are shown in Figures 5 and 6, respectively. BEI images demonstrate 
the changes in both surface morphology and contrast due to the difference in average atomic weight. 
EDS was used to study the chemical compositions of several areas with different contrasts identified 
numerically in the micrographs (Figure 6), and the results are summarized in Table 4. Basically, three 
different contrasts are observed and assigned to a TiNi-2 (brightest), a TiNi-1 (matrix), and a Ti2Ni 
(darkest) phases. Although the grain size of the Ti2Ni phase varies and increases in the order of TN-
Fe < TN-Ni ≈ TN-Cr < TN-Cu < TN-Mn ≈ TN-Co (Figures 5 and 6), the six alloys show similar phase 
distributions: 

• Matrix (TiNi-1): stoichiometric or slightly hyperstoichiometric TiNi with the Zr- and X-contents 
close to design. 

Figure 4. Plots of the (a) TiNi lattice constant a; and (b) Ti2Ni lattice constant a vs.
the atomic radius of substituting element X in the Laves phase (data from [74]).
A linear correlation is observed for the TiNi lattice constant but not for the Ti2Ni
lattice constant.

Table 3. Summary of XRD analysis (lattice constants, phase abundances, and
crystallite sizes).

Alloy
TN-X

a of
TiNi
(Å)

a of
Ti2Ni

(Å)

TiNi
Abundance

(wt%)

Ti2Ni
Abundance

(wt%)

TiNi
Crystallite

Size (Å)

Ti2Ni
Crystallite

Size (Å)

TN-Ni 2.993 11.310 68.7 31.3 139 448
TN-Cr 3.014 11.305 75.5 24.5 368 804
TN-Mn 3.015 11.311 78.4 21.6 251 >1000
TN-Fe 3.003 11.306 80.7 19.3 346 812
TN-Co 3.008 11.315 80.6 19.4 212 655
TN-Cu 3.010 11.321 71.6 28.4 206 727

3.3. Scanning Electron Microscopy/Energy Dispersive Spectroscopy Study

Microstructures of the six alloys were studied using SEM, and the resulting
100ˆ and 1000ˆ back-scattering electron images (BEI) are shown in Figures 5 and 6,
respectively. BEI images demonstrate the changes in both surface morphology and
contrast due to the difference in average atomic weight. EDS was used to study the
chemical compositions of several areas with different contrasts identified numerically
in the micrographs (Figure 6), and the results are summarized in Table 4. Basically,
three different contrasts are observed and assigned to a TiNi-2 (brightest), a TiNi-1
(matrix), and a Ti2Ni (darkest) phases. Although the grain size of the Ti2Ni phase
varies and increases in the order of TN-Fe < TN-Ni « TN-Cr < TN-Cu < TN-Mn «
TN-Co (Figures 5 and 6), the six alloys show similar phase distributions:

‚ Matrix (TiNi-1): stoichiometric or slightly hyperstoichiometric TiNi with the Zr-
and X-contents close to design.
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‚ Minor phase (TiNi-2): this phase appears as bright spots in the micrographs and
is distributed within the matrix. It is generally hyperstoichiometric, high-Zr,
and high-X TiNi except for:

# Hypostoichiometric, high-Zr, and close to the design-X TiNi in alloy
TN-Fe and

# Hyperstoichiometric, high-Zr, and low-X TiNi in alloy TN-Co.

‚ Secondary phase (Ti2Ni): this phase has the darkest contrast in the micrographs
and appears next to the main TiNi-1 phase. It is stoichiometric or
hyperstoichiometric, low-Zr Ti2Ni.
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250 µm

Figure 5. Scanning electron microscopy (SEM) ˆ back-scattering electron images
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171



Batteries 2016, 2, 24 10 of 24 

(a) (b) 

(c) (d) 

(e) (f) 

Figure 6. SEM BEI micrographs from alloys: (a) TN-Ni; (b) TN-Cr; (c) TN-Mn; (d) TN-Fe; (e) TN-Co; 
and (f) TN-Cu at 1000× magnification. 

According to the Ti-Ni binary phase diagram [15], as the melt of Ti51Ni49 cools to 1310 °C, a 
hyperstoichiometric TiNi phase, or TiNi-2 in the current study, initially forms due to the TiNi 
system’s preference for hyperstoichiometry (as seen from the wide solubility range of the TiNi phase 
towards hyperstoichiometric TiNi in the phase diagram). Once the system reaches the temperature 
of 984 °C, the hyperstoichiometric TiNi-2 phase and rest of the melt goes through a peritectic reaction, 
which consumes most of the TiNi-2 phase and produces the final stoichiometric TiNi (TiNi-1) and 
Ti2Ni phases. Ti2Ni precipitated within the main TiNi matrix was found to deteriorate the alloy’s 
mechanical properties for engineering applications due to its brittleness [77], but Ti2Ni can be 

25 µm 

Figure 6. SEM BEI micrographs from alloys: (a) TN-Ni; (b) TN-Cr; (c) TN-Mn;
(d) TN-Fe; (e) TN-Co; and (f) TN-Cu at 1000ˆmagnification.

According to the Ti-Ni binary phase diagram [15], as the melt of Ti51Ni49

cools to 1310 ˝C, a hyperstoichiometric TiNi phase, or TiNi-2 in the current study,
initially forms due to the TiNi system’s preference for hyperstoichiometry (as seen
from the wide solubility range of the TiNi phase towards hyperstoichiometric TiNi
in the phase diagram). Once the system reaches the temperature of 984 ˝C, the
hyperstoichiometric TiNi-2 phase and rest of the melt goes through a peritectic
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reaction, which consumes most of the TiNi-2 phase and produces the final
stoichiometric TiNi (TiNi-1) and Ti2Ni phases. Ti2Ni precipitated within the main
TiNi matrix was found to deteriorate the alloy’s mechanical properties for engineering
applications due to its brittleness [77], but Ti2Ni can be advantageous for initial
pulverization for the use in electrochemical applications. Moreover, the presence of
T2Ni as the secondary phase in the TiNi alloy system was shown to be essential for
electrochemical property improvement [14].

Table 4. Summary of EDS results. All compositions are in at%. Compositions of
the main TiNi-1, minor TiNi-2, and secondary Ti2Ni phases are in bold, underline,
and italic, respectively.

Alloy TN-X Area Ti Zr Ni X B/A Phase(s)

TN-Ni

1 36.3 8.4 55.3 0.0 1.24 TiNi-2
2 40.9 4.7 54.3 0.0 1.19 TiNi-2
3 44.2 2.3 53.5 0.0 1.15 TiNi-2
4 42.4 3.4 54.2 0.0 1.18 TiNi-2
5 46.9 0.6 52.5 0.0 1.11 TiNi-1
6 47.5 0.5 52.0 0.0 1.08 TiNi-1
7 64.2 0.5 35.3 0.0 0.55 Ti2Ni
8 63.6 0.4 36.0 0.0 0.56 Ti2Ni

TN-Cr

1 41.0 4.6 44.4 10.0 1.19 TiNi-2
2 42.0 2.7 43.9 11.3 1.24 TiNi-2
3 47.5 0.9 47.6 4.0 1.07 TiNi-1
4 46.3 1.4 46.9 5.4 1.10 TiNi-1
5 62.2 0.8 33.3 3.7 0.59 Ti2Ni

TN-Mn

1 33.8 12.0 32.5 21.7 1.18 TiNi-2
2 44.1 2.7 43.0 10.1 1.13 TiNi-2
3 43.7 3.1 42.5 10.6 1.13 TiNi-2
4 46.6 1.0 46.2 6.1 1.10 TiNi-1
5 47.0 0.8 46.7 5.5 1.09 TiNi-1
6 49.0 0.6 45.3 5.0 1.01 TiNi-1
7 46.5 1.0 47.0 5.5 1.11 TiNi-1
8 65.3 0.6 32.4 1.7 0.52 Ti2Ni
9 65.0 0.6 32.5 1.9 0.52 Ti2Ni

TN-Fe

1 46.4 7.0 42.1 4.5 0.87 TiNi-2
2 46.1 6.2 42.9 4.8 0.91 TiNi-2
3 47.2 1.3 46.3 5.2 1.06 TiNi-1
4 46.8 2.2 45.9 5.2 1.04 TiNi-1

5 52.3 1.1 42.0 4.6 0.87 TiNi +
Ti2Ni

6 52.4 1.2 41.6 4.8 0.87 TiNi +
Ti2Ni

7 62.8 0.9 32.6 3.7 0.57 Ti2Ni
8 57.8 1.0 37.1 4.1 0.70 Ti2Ni
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Table 4. Cont.

Alloy TN-X Area Ti Zr Ni X B/A Phase(s)

TN-Co

1 29.4 13.7 55.6 1.3 1.32 TiNi-2
2 29.4 13.3 55.8 1.4 1.34 TiNi-2
3 37.2 26.6 33.1 3.2 0.57 (TiZr)2Ni
4 41.0 15.1 39.7 4.1 0.78 (TiZr)2Ni
5 40.6 5.0 51.7 2.7 1.19 TiNi-2
6 43.9 2.8 49.7 3.5 1.14 TiNi-2
7 47.6 0.5 45.1 6.7 1.08 TiNi-1
8 47.9 0.6 44.9 6.6 1.06 TiNi-1
9 65.5 0.7 29.9 3.9 0.51 Ti2Ni

10 65.4 0.6 30.3 3.7 0.51 Ti2Ni

TN-Cu

1 29.1 10.7 41.0 19.1 1.51 TiNi-2
2 34.7 9.1 40.1 16.0 1.28 TiNi-2
3 34.0 30.5 31.0 4.5 0.55 (TiZr)2Ni
4 42.1 14.2 39.4 4.4 0.78 (TiZr)2Ni
5 43.7 2.9 46.5 6.8 1.14 TiNi
6 44.5 2.4 47.1 6.0 1.13 TiNi
7 47.2 1.0 47.3 4.4 1.07 TiNi-1
8 46.8 1.0 47.6 4.6 1.09 TiNi-1
9 63.5 0.8 34.0 1.7 0.55 Ti2Ni

10 65.6 0.8 32.4 1.2 0.51 Ti2Ni

Unlike the relatively constant B/A ratio in the main TiNi-1 phase among
alloys, that of the secondary Ti2Ni phase ranges significantly, resulting in the
inconsistency observed between the size of substituting element and Ti2Ni lattice
constant. Solubility of Zr in the Ti2Ni phase is less than those in the TiNi-1 and TiNi-2
phases. Such observations can be explained by the pseudo-binary phase diagrams
for the TiNi-ZrNi and Ti2Ni-Zr2Ni systems [78], where the TiNi phase shows a very
high solubility for Zr (up to approximately 30%) while Zr is nearly insoluble in the
Ti2N phase.

3.4. Pressure-Concentration-Temperature Measurement

Gaseous phase hydrogen storage properties of the six alloys were studied by
PCT. Due to the slow reaction kinetics, PCT isotherm at 30 ˝C or 60 ˝C cannot
be measured (absorption weight is approximately 0% at all applied H2 pressures).
Therefore, the absorption and desorption isotherms were measured at 90 ˝C and
120 ˝C and are shown in Figure 7. Information obtained from the PCT study is
summarized in Table 5. At either temperature, both the maximum and reversible
capacities following the trend of TN-Ni « TN-Co < TN-Cu < TN-Mn < TN-Cr <
TN-Fe, which demonstrates a very weak correlation to the main TiNi phase lattice
constant as seen in Figure 8a. 90 ˝C gaseous phase maximum capacity is also plotted
against ∆Hh of substituting element (Figure 8b), a value that is often taken into
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consideration during alloy design to achieve balance between the amounts of A-site
hydride formers (∆Hh < 0) and B-site modifiers (∆Hh > 0). In the current study,
the modification is performed on the B-site, and the expected trend is increasing
capacity with decreasing ∆Hh of substituting element; however, no clear correlation
is observed. ∆Hh of the ABn alloy can be calculated with the equation [79]:

∆Hh pABnH2mq “ ∆Hh pAHmq ` ∆Hh pBnHmq´∆H pABnq (1)

where ∆H is the heat of alloy formation. The difference in trends for ∆Hh of
substituting element and gaseous phase capacity is possibly caused by the heat
of alloy formation. Finally, 90 ˝C gaseous phase maximum capacity is plotted against
the work function (W, the difference between the electron potentials in vacuum
(EVAC) and the Fermi level (EF)) of substituting element in Figure 8c, which illustrates
a linear relationship. W’s of various phases in a multi-phase MH system have
been used to explain the synergetic effects observed in the gaseous phase hydrogen
interaction [17]. In the current study, the secondary Ti2Ni phase with a lower ∆Hh
and a higher W is hydrogenated first, which expands the lattice in the TiNi phase near
the Ti2Ni phase (pink region in Figure 9) due to the stress transmitted through the
“coherent interface” and eases the hydrogenation of the main TiNi phase [80]. When
a substituting element with a smaller W compared to Ni is added into the system, W
of the main TiNi phase is reduced while W of the Ti2Ni phase remains the same (as
seen from Table 4, solubility of substituting element in Ti2Ni is lower than that in
TiNi), leading to an increase in difference between W’s of the two phases (Figure 9).
This larger difference in W’s causes an increase in volume of initial hydrogenation of
the secondary Ti2Ni phase and therefore enlarges the volume of the expanded lattice
region, resulting in a higher gaseous phase capacity. Moreover, alloy TN-Mn seems to
fall off the linear trend slightly in Figure 8. Although Fe and Cr have higher W’s than
Mn, their higher densities of interface between the main TiNi and secondary Ti2Ni
(Figures 5 and 6) contributes to the amount of distorted lattice zone and facilitates
alloy hydrogenation.

Table 5. Summary of gaseous phase properties.

Alloy
TN-X

Maximum
Capacity at
90 ˝C (wt%)

Reversible
Capacity at
90 ˝C (wt%)

Maximum
Capacity at

120 ˝C (wt%)

Reversible
Capacity at

120 ˝C (wt%)

TN-Ni 0.13 0.09 0.15 0.13
TN-Cr 1.18 0.57 1.08 0.67
TN-Mn 0.98 0.48 0.92 0.57
TN-Fe 1.21 0.75 1.06 0.85
TN-Co 0.16 0.13 0.19 0.14
TN-Cu 0.87 0.54 0.81 0.60
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Figure 7. The 90 and 120 °C pressure-concentration-temperature (PCT) isotherms of alloys: (a) TN-
Ni; (b) TN-Cr; (c) TN-Mn; (d) TN-Fe; (e) TN-Co; and (f) TN-Cu. Open and solid symbols are for 
absorption and desorption curves, respectively. 

Figure 7. The 90 and 120 ˝C pressure-concentration-temperature (PCT) isotherms
of alloys: (a) TN-Ni; (b) TN-Cr; (c) TN-Mn; (d) TN-Fe; (e) TN-Co; and (f) TN-Cu.
Open and solid symbols are for absorption and desorption curves, respectively.
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Figure 8. Plots of the 90 °C gaseous phase maximum capacity vs. (a) the corresponding TiNi lattice 
constant a; (b) ΔHh of substituting element X (data from [16]); and (c) W of substituting element X 
(data from [81]). While the correlations with the TiNi lattice constant and ΔHh of substituting element 
are weak, the increase in W of substituting element appears to have a negative effect on gaseous phase 
hydrogen storage. 
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Figure 9. MH system composed of Ti2Ni with higher W and TiNi with lower W before and after 
hydrogenation for (a) incorporation of substituting element with higher W (for example, Ni) in TiNi; 
and (b) incorporation for substituting element with lower W (for example, Cr) in TiNi. 

Figure 8. Plots of the 90 ˝C gaseous phase maximum capacity vs. (a) the
corresponding TiNi lattice constant a; (b) ∆Hh of substituting element X (data
from [16]); and (c) W of substituting element X (data from [81]). While the
correlations with the TiNi lattice constant and ∆Hh of substituting element are
weak, the increase in W of substituting element appears to have a negative effect
on gaseous phase hydrogen storage.

3.5. Electrochemical Measurement

Discharge capacity performances of the six alloys were measured in a flooded
cell configuration against a partially pre-charged Ni(OH)2 positive electrode with
30 wt% KOH electrolyte. Electrodes were made with powder after PCT measurements.
No alkaline pretreatment was applied before the half-cell measurement. For the
discharge capacity measurement, the half-cell was first charged at a current density of
50 mA¨g´1 for 10 h and then discharged at a current density of 50 mA¨g´1 until a
cut-off voltage of 0.9 V was reached. Then, the cell was discharged at a current
density of 12 mA¨g´1 until a cut-off voltage of 0.9 V was reached, and finally
discharged at a current density of 4 mA¨g´1 until a cut-off voltage of 0.9 V was
reached. Full discharge capacities, specifically the sum of capacities measured
at 50, 12, and 4 mA¨g´1 for each cycle, from the first 10 cycles of the six alloys
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are plotted in Figure 10a to demonstrate activation and early cycling behaviors.
Maximum full capacities, activation performances (the number of cycle needed
to reach 95% of the maximum full capacity), and degradation performances (the
ratio of the difference in maximum full capacity and full capacity at the tenth cycle
to the maximum full capacity) are listed in Table 6. Capacity from the base alloy
TN-Ni with a nominal composition of Ti50Zr1Ni49 is higher than those from the
stoichiometric TiNi alloys previously reported [13,14,27,29,38,39,46,47,50,53,57,58,64]
due to the increase in DOD and formation of a considerable amount of the Ti2Ni
secondary phases. Most alloys are activated during the first cycle while alloys
TN-Ni and TN-Cr take longer to fully activate, and alloys TN-Mn, TN-Co, and
TN-Cu show more severe degradation. The lowest cycle stability is observed in
alloy TN-Mn, and Mn’s detrimental effects were also previously shown in the
TiNi alloy [48,52]. Among all alloys, alloy TN-Fe does not only demonstrate the
best balance between easy activation and cycle stability, it also has the highest full
capacity of 397 mAh¨ g´1, corresponding well with its highest gaseous phase capacity.
Furthermore, capacities obtained from the gaseous phase and electrochemical
measurements are compared in Figure 11, where the gaseous phase capacities
are converted to their equivalent electrochemical capacities using the conversion
factor 1 wt% H2 = 268 mAh¨g´1. Gaseous phase capacities obtained at 30 ˝C are
usually used for such comparison, but those cannot be measured due to the slow
reaction kinetics of the alloys used in the current study. Therefore, 90 ˝C gaseous
phase capacities are used. With the increasing atomic number of substituting
elements, the electrochemical capacity first increases and then decreases. Increase in
capacity due to the substitutions of Cr [49], Mn [48,52], Co [49,50], or Fe [38,50] and
decrease in capacity from the substitution of Cu [52,66] in the TiNi-based alloys
have been reported previously, and a comparative study of various substitutions
has also shown a similar trend in electrochemical capacity compared to the results
in this study. Moreover, electrochemical capacities of the six alloys are above
the corresponding gaseous phase maximum capacities. Gaseous phase maximum
capacity is composed of reversible and irreversible capacities and considered to
be the upper bound for the electrochemical capacity, which usually falls between
the boundaries set by the gaseous phase maximum and reversible capacities in
most alloy systems [17,69,82–88]. Although increasing the temperature for the PCT
measurements causes a reduction in gaseous phase maximum capacity [89] and
consequently explains the out-of-bounds electrochemical capacities observed in most
alloys, the tremendously large gaps between the electrochemical and gaseous phase
maximum capacities for alloys TN-Ni and TN-Co indicate that the electrochemical
environment is able to reduce the alloy system’s equilibrium pressure and increases
its capacity. Such a phenomenon has also been seen in the ZrNi5-based alloys [90,91].
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Figure 9. MH system composed of Ti2Ni with higher W and TiNi with lower W
before and after hydrogenation for (a) incorporation of substituting element with
higher W (for example, Ni) in TiNi; and (b) incorporation for substituting element
with lower W (for example, Cr) in TiNi.

Half-cell HRDs, defined as the ratio of the discharge capacity measured at
50 mA¨g´1 to that measured at 4 mA¨g´1, from the first 10 cycles of the six alloys
are plotted in Figure 10b. All alloys achieve a stabilized HRD by the third cycle.
HRDs at the second or third cycle (depends on where it is fully activated) of all
alloys are listed in Table 6. HRDs of most alloys are better than that of alloy TN-Ni,
with HRD of alloy TN-Cu being the highest. The Cu-substitution in the TiNi alloy
formula [66] and later Cu-addition to the TiNi alloy [29] were shown to be beneficial
to the high-rate performance. No obvious correlations can be found between HRD
and structural properties (e.g., lattice constants, phase abundances, and crystallite
sizes). Although these HRDs are relatively low compared to those measured from
the AB2 [71,92], AB5 [71], A2B7 [71], and Laves phase-related body-centered-cubic
(bcc) solid solution MH alloys [17,87,88,93,94], some of the six alloys in the current
study with higher capacities, e.g., alloy TN-Fe, can be used for high energy Ni/MH
battery applications without strict power requirements.
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are listed in Table 6. All substitutions increase Io but decrease D compared to the base alloy TN-Ni. 
Alloy TN-Fe, which exhibits the lowest D, also has the highest density of interface between the main 
TiNi and secondary Ti2Ni phases. The channels for hydrogen transport between phases are abundant, 
however, they are also more tortuous in alloy TN-Fe and may negatively affect the bulk diffusion. By 
substituting the B-site with other transition metals that are more corrosion susceptible, not only does 
the activation become easier (Figure 10a), but more of the alloy surface is also dissolved away during 
activation, leaving more Ni embedded in the surface and consequently improving the surface 
reaction, although the Ni-content in the alloy formula is reduced. Both Io and D are then correlated 
to HRD, and the resulting correlation factors are 0.24 and 0.46, respectively. Therefore, we conclude 
that the surface properties are more influential in determining HRD in the TiNi-based MH alloys. In 

Figure 10. Activation and degradation behaviors observed from: (a) half-cell
capacity measured at 4 mA¨g´1; and (b) half-cell HRD for the first 10 cycles.

Table 6. Summary of room temperature electrochemical and magnetic
susceptibility results.

Alloy TN-X TN-Ni TN-Cr TN-Mn TN-Fe TN-Co TN-Cu

Maximum Full Capacity
@4 mA¨g´1 (mAh¨g´1) 345 389 394 397 370 308

HRD @2nd or 3rd cycle (%) 63 66 71 66 63 79

Number of Cycles Needed to Reach
95% of Maximum Full Capacity 10 6 1 1 1 1

Degradation Performance (%) 0 8 40 3 23 21

D (10´10 cm2¨ s´1) 3.15 2.71 2.68 1.87 2.37 1.94

Io (mA¨g´1) 22.15 24.77 34.08 37.47 26.19 36.43

Ms (emu¨g´1) 0.187 0.219 0.509 0.511 0.586 0.542

H1/2 (kOe) 0.172 0.221 0.170 0.159 0.151 0.484
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Figure 11. Comparison of capacities obtained from the gaseous phase and
electrochemical measurements. Gaseous phase capacity can be converted by
1 wt% = 268 mAh¨g´1.

Surface reaction exchange currents (Io) and bulk hydrogen diffusion coefficients
(D), two dominating factors in determining HRD, were measured electrochemically
for the six alloys [69] and are listed in Table 6. All substitutions increase Io but
decrease D compared to the base alloy TN-Ni. Alloy TN-Fe, which exhibits the lowest
D, also has the highest density of interface between the main TiNi and secondary
Ti2Ni phases. The channels for hydrogen transport between phases are abundant,
however, they are also more tortuous in alloy TN-Fe and may negatively affect the
bulk diffusion. By substituting the B-site with other transition metals that are more
corrosion susceptible, not only does the activation become easier (Figure 10a), but
more of the alloy surface is also dissolved away during activation, leaving more Ni
embedded in the surface and consequently improving the surface reaction, although
the Ni-content in the alloy formula is reduced. Both Io and D are then correlated to
HRD, and the resulting correlation factors are 0.24 and 0.46, respectively. Therefore,
we conclude that the surface properties are more influential in determining HRD in
the TiNi-based MH alloys. In addition, the D and Io values of the six alloys in the
current study are comparable to those obtained from the AB2 [10,71,92], AB5 [10,71],
A2B7 [10,71], and Laves phase-related bcc solid solution MH alloys [17,87,88,94]
and cannot explain their relatively low HRDs. Further investigation into other
contributing factors affecting HRD of the TiNi-based MH alloys is needed.

3.6. Magnetic Properties

Magnetic susceptibility was used to characterize the nature of metallic nickel
particles present in the surface layer of the alloy following an alkaline activation
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treatment [71]. Details of the background and experimental method have been
reported earlier [95]. Metallic Ni is an active catalyst for the water splitting and
recombination reactions that contributes to the Io in the electrochemical system.
This technique allows us to obtain the saturated magnetic susceptibility (Ms), a
quantification of the amount of metallic Ni (the product of preferential oxidation)
in the surface oxide, and the magnetic field strength at one-half of the Ms value
(H1/2), a measure of the averaged reciprocal number of Ni atoms in a metallic cluster.
Magnetic susceptibility plots for the six alloys are shown in Figure 12, and the
calculated Ms and H1/2 values are listed in Table 6. Compared to alloy TN-Ni, Mss of
all substituted alloys are larger and correspond well with the overall observation in
Io. However, the largest Ms of 0.586 emu¨g´1 is obtained from alloy TN-Co, which
has a relatively low Io among the substituted alloy. The H1/2 values listed in Table 6
indicate that the sizes of metallic nickel are similar among most alloys except for
alloy TN-Cu, which has much smaller metallic nickel particles in the surface and very
high Ms. Both of these contribute to its high Io, leading to alloy TN-Cu’s impressive
HRD performance among all alloys.
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3.7. Comparison among Various Sbustitutions

Properties characterized from the gaseous phase and electrochemical
measurements of the five substituted alloys compared to those of the base alloy TN-Ni
are summarized in Table 7. Most of the properties are improved by substitution
except for the bulk diffusion performance. Some general trends can also be observed:
electrochemical capacity is inversely proportional to HRD, and HRD shows a similar
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trend compared to Io and Ms. Among all substituted alloys, alloy TN-Fe has the
best balance among capacity, HRD, activation and degradation performances and is
recommended as the base alloy for further optimization.

Table 7. Performance comparison for the six alloys in the current study. +, –, or «
denote improved, deteriorated, or equal performance compared to the base alloy
TN-Ni, respectively. Number of symbols indicates the degree of change compared
to the base alloy TN-Ni.

Alloy TN-X Gaseous Phase
Capacity

Electrochemical
Full Capacity HRD Activation Degradation D Io Ms

TN-Cr + + + + + + + + + + + – – – + +
TN-Mn + + + + + + + + + + + + + + + – – – – – – – + + + + + + + +

TN-Fe + + + + + + + + + + + + + + + + «
– – – –

–
+ + + +

+ + + + +

TN-Co « + + « + + + + + – – – – – – + + + + +
+

TN-Cu + + + – – – + + + +
+ + + + + + – – – – – – + + + +

+
+ + + +

+

3.8. Property Comparison among Various Metal Hydride Alloy Systems

The general battery performances using various MH alloys are summarized
in Table 8. In the table, AB5, with a representative composition of La10.5Ce4.3

Pr0.5Nd1.4Ni60.0Co12.7Mn5.9Al4.7, is the most widely used in the current consumer
and transportation markets, and it has the best overall performance except for
its relatively low capacity (320–330 mAh¨g´1). Significant research efforts on
substitution have been performed with the AB5 alloy to lower the cost and fulfill
other specific requirements [10,96,97]. The AB2 multi-phase alloy, with a very high
capacity (420–436 mAh¨g´1 [98]) and flexibility in composition [99,100], has great
potential in ultra-low-temperature [101] and high-temperature applications due
to the non-passive nature of its surface oxide [71]. The A2B7 superlattice-based
multi-phase alloy family is the MH alloy currently used by FDK (Tokyo, Japan) for
their Eneloop Ni/MH products. The A2B7 alloy, with a representative composition
of La3.3Ce8Pr8Mg3.9Ni72.8Al4.0, has a marginally improved capacity (355 mAh¨g´1)
over the conventional AB5 but also a tradeoff with regard to cycle stability due
to the incorporation of Mg, which can be solved by adding the proper binder to
the negative electrode [102]. Works related to the improvement in capacity and
low-temperature performance have been previously reported by authors [103–107].
The bcc alloy has a very high theoretical capacity (1072 mAh¨g´1) but a much
lower reported capacity (247 mAh¨g´1) for the composition Ti40V30Cr15Mn13Mo2,
and its stability is very poor, requiring an electrolyte with much lower corrosion
capability, for example, ionic liquid [108]. The high cost of V is also a concern for
utilizing the bcc alloy in any practical applications. The Laves phase-related bcc alloy
was developed through a U.S. Department of Energy sponsored program, and the
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resulted alloy has a composition of Ti14.5Zr2.7V46.6Cr11.9Mn6.5Co1.5Ni16.9Al0.4 and a
capacity of 414 mAh¨g´1 [17,94,109], which was recommended for electric vehicle
applications running at a C/3 discharge rate. The MgNi-based amorphous alloy
made by mechanical alloying has a very attractive cost model and an ultra-high
capacity (780 mAh¨ g´1 for the composition Mg52Ni39Co3Mn6), but it suffers in cycle
stability in 30 wt% KOH electrolyte [18]. Studies that address changes in anions of
the hydroxides used [18] and additions of various salts [110] have been developed to
extend the usable cycles of the MgNi-based alloy. The last row in Table 8 is the main
subject of this paper—the TiNi alloy family. TiNi at the current stage is not suitable
for either consumer electronic or propulsion applications that require a decent HRD.
However, its low cost and long cycle life make the TiNi alloy perfect for stationary
applications. Therefore, testing of the TiNi-based alloys at different temperatures
will be our next task.

Table 8. Performance comparison among various MH alloy families. The number
of stars indicates the superiority in the performance category. TBD and Temp.
denote to-be-determined and temperature, respectively.

Alloy Cost Capacity HRD Activation Low
Temp.

High
Temp.

Charge
Retention

Cycle
Life

AB5 ‹‹‹‹ ‹ ‹‹‹‹‹ ‹‹‹‹‹ ‹‹‹‹ ‹‹ ‹‹‹‹ ‹‹‹‹‹

AB2 ‹‹‹ ‹‹‹‹ ‹‹‹‹ ‹‹‹ ‹‹‹‹‹ ‹‹‹‹‹ ‹‹‹ ‹‹‹‹‹

A2B7 ‹‹‹ ‹‹ ‹‹‹‹‹ ‹‹‹‹‹ ‹‹‹‹‹ ‹‹‹ ‹‹‹‹‹ ‹‹‹‹

bcc ‹‹ ‹‹‹‹‹ ‹‹ ‹‹‹‹‹ TBD TBD ‹ ‹

Laves-bcc ‹ ‹‹‹‹ ‹‹‹ ‹‹‹‹ ‹‹‹ ‹‹ ‹ ‹‹‹

MgNi ‹‹‹‹‹ ‹‹‹‹‹ ‹‹ ‹‹‹‹‹ TBD TBD TBD ‹

TiNi ‹‹‹‹‹ ‹‹‹ ‹ ‹‹ TBD TBD TBD ‹‹‹‹‹

4. Conclusions

Structural, magnetic, gaseous phase hydrogen storage, and electrochemical
properties of a series of Ti50Zr1Ni44X5 (X = Ni, Cr, Mn, Fe, Co, or Cu) metal hydride
alloys were investigated. All alloys show similar multi-phase distributions composed
of a stoichiometric TiNi matrix, a hyperstoichiometric TiNi minor phase, and a Ti2Ni
secondary phase. Compared to the Ti50Zr1Ni49 base alloy, substituting element with
higher work function enhances the synergetic effects between the main TiNi and
secondary Ti2Ni phases and increases the gaseous phase hydrogen storage capacity
substantially. Moreover, the electrochemical environment is able to reduce the alloy
system’s equilibrium pressure and further improves the capacity. The TiNi-based
alloys have a superb cost model and exhibit satisfactory capacity and cycle life
performances, however, these alloys score low in high-rate performance despite their
similar surface reaction, bulk diffusion, and magnetic properties to the commonly
used AB5, AB2, and A2B7 alloys. Among the alloys investigated, alloy with the
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composition Ti50Zr1Ni44Fe5 demonstrates the best balance among capacity, high-rate
performance, activation, and cycle stability and is recommended for full-cell testing
at various temperatures to validate its practicality for high-energy or stationary
applications. Ti50Zr1Ni44Fe5 will also be used as the base composition for formula
optimization in the future.
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Abbreviations

Ni/MH Nickel/metal hydride
MH Metal hydride
HRD High-rate dischargeability
∆Hh Heat of hydride formation
SN Sintering
AM Arc melting
PM Melting in a plasma furnace
IM Induction melting
CO Co-precipitation
MC Microencapsulation
MA Mechanical alloying
ANN Annealing
MS Melt spinning
CHR Calcium hydride reduction
MWCNT Multiwall carbon nanotube
ICP Inductively coupled plasma spectrometer/spectrometry
XRD X-ray diffractometer/diffraction
SEM Scanning electron microscope/microscopy
EDS Energy dispersive spectroscopy
PCT Pressure-concentration-temperature
W Work function
EVAC Electron potential in vacuum (EVAC) and the Fermi level (EF)
EF Electron potential in the Fermi level

185



bcc Body-centered-cubic
Io Surface reaction exchange current
D Bulk hydrogen diffusion coefficient
Ms Saturated magnetic susceptibility
H1/2 Magnetic field strength at one-half of the saturated magnetic

susceptibility value
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Structure, Hydrogen Storage, and
Electrochemical Properties of
Body-Centered-Cubic Ti40V30Cr15Mn13X2
Alloys (X = B, Si, Mn, Ni, Zr, Nb, Mo, and La)
Kwo-Hsiung Young, Taihei Ouchi, Baoquan Huang and Jean Nei

Abstract: Structure, gaseous phase hydrogen storage, and electrochemical properties
of a series of TiVCrMn-based body-centered-cubic (BCC) alloys with different partial
substitutions for Mn with covalent elements (B and Si), transition metals (Ni, Zr, Nb,
and Mo), and rare earth element (La) were investigated. Although the influences
from substitutions on structure and gaseous phase storage properties were minor,
influences on electrochemical discharge capacity were significant. The first cycle
capacity ranged from 16 mAh·g−1 (Si-substituted) to 247 mAh·g−1 (Mo-substituted).
Severe alloy passivation in 30% KOH electrolyte was observed, and an original
capacity close to 500 mAh·g−1 could possibly be achieved by Mo-substituted alloy
if a non-corrosive electrolyte was employed. Surface coating of Nafion to the
Mo-substituted alloy was able to increase the first cycle capacity to 408 mAh·g−1, but
the degradation rate in mAh·g−1·cycle−1 was still similar to that of standard testing.
Electrochemical capacity was found to be closely related to BCC phase unit cell
volume and width of the an extra small pressure plateau at around 0.3 MPa on the
30 ◦C pressure-concentration-temperature (PCT) desorption isotherm. Judging from
its high electrochemical discharge capacity, Mo was the most beneficial substitution
in BCC alloys for Ni/metal hydride (MH) battery application.

Reprinted from Batteries. Cite as: Young, K.-H.; Ouchi, T.; Huang, B.; Nei, J. Structure,
Hydrogen Storage, and Electrochemical Properties of Body-Centered-Cubic
Ti40V30Cr15Mn13X2 Alloys (X = B, Si, Mn, Ni, Zr, Nb, Mo, and La). Batteries 2015, 1,
74–90.

1. Introduction

Among all metal hydride (MH) alloy families, body-centered-cubic (BCC) solid
solution alloy has the highest reversible hydrogen storage at ambient temperature.
Although its gaseous phase hydrogen storage capacity is very high (up to 4.0 wt%,
equivalent to 1072 mAh·g−1 [1]), few electrochemical studies have been performed
on the pure BCC phase MH alloy due to its strong metal-hydrogen bonding and low
surface reaction activity [2–5]. Inoue and his coworker reported a TiV3.4Ni0.6 alloy
achieving 360 mAh·g−1 at room temperature with a discharge rate of 50 mA·g−1 [3].
Mori and Iba improved both the capacity and cycle stability by adding Y, lanthanoids,
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Pd, or Pt into a TiCrVNi BCC alloy and reached 462 mAh·g−1 [4]. Yu and his
coworker reported a Ti40V30Cr15Mn15 alloy with an initial capacity of 814 mAh·g−1

measured with a rate of 10 mA·g−1 at 80 ◦C; however, degradation was high due to
surface cracking, preferential leaching of V into the KOH electrolyte, and formation
of TiOx on the surface that further blocks electrochemical reaction [5]. One or more
secondary phases, such as C14, C15, and/or B2, with a high grain boundary density
was introduced to improve the absorption kinetics [6], facilitate formation due to
its brittleness [7–9], and increase the surface catalytic activity [10–15] by enhancing
the synergetic effect between the main and secondary phases. High phase boundary
density also promotes the formation of coherent and catalytic interfaces between
the BCC and secondary phases and, therefore, improves hydrogen absorption and
desorption kinetics [16].

In this experiment, we focus on continuing the work on Ti40V30Cr15Mn15 alloy
with an electrochemical study performed at room temperature and an examination of
substitution effects from covalent elements, transition metals, and rare-earth elements
on structure, gaseous phase, and electrochemical properties. The alloy formula in
the current study can be summarized as Ti40V30Cr15Mn13X2, where X = B, Si, Mn,
Ni, Zr, Nb, Mo, and La.

2. Experimental Setup

In this experiment, an arc melting technique was chosen for the sample
preparation. The ingot size was about 12 g and the melting was performed in an
Ar environment. A Varian Liberty 100 inductively-coupled plasma optical emission
spectrometer (ICP-OES, Agilent Technologies, Santa Clara, CA, USA) was used to
verify the chemical composition of the ingot comparing to the ratios in the raw
materials. A Philips X’Pert Pro X-ray diffractometer (XRD, Philips, Amsterdam, The
Netherlands) was used to study the microstructure, and a JEOL-JSM6320F scanning
electron microscope (SEM, JEOL, Tokyo, Japan) with energy dispersive spectroscopy
(EDS) capability was used to study the phase distribution and composition. Gaseous
phase hydrogen storage characteristics for each sample were measured using a
Suzuki-Shokan multi-channel pressure-concentration-temperature (PCT, Suzuki
Shokan, Tokyo, Japan) system. A piece of ingot was freshly cleaved before putting
in the PCT ample holder. PCT sample was first hydrided and dehydrided at 30 ◦C,
followed by a 2 h, 400 ◦C degassing with a vacuum pump. PCT isotherms at
90 ◦C, 30 ◦C, and 60 ◦C were then measured with a 2 h, 400 ◦C degassing between
measurements. Details of electrode preparations as well as measurement methods
have been reported previously [17,18].
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3. Results and Discussion

3.1. X-Ray Diffraction Structure Analysis

Eight alloys were prepared by arc melting, and their compositions were verified
by ICP. XRD patterns of the alloys are shown in Figure 1. Three major peaks are
detected in all alloys and belong to a BCC structure. Most of the peak intensity
ratios are similar except for I(200)/I(110) in Alloy-Nb (alloy with partial replacement
of Nb). Among all substitutions, elemental Nb and Mo are similar in size and
both have a BCC structure; however, only Alloy-Nb has the unusually larger (200)
peak. The reason for such phenomenon is not clear and requires further structural
refinement analysis. In addition to the main phase, one or more secondary phases
can be found in the XRD pattern of each alloy apart from Alloy-Nb.
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Figure 1. XRD patterns using Cu-Kα as the radiation source for Ti40V30Cr15Mn13X2

alloys, where X = (a) B; (b) Si; (c) Mn; (d) Ni; (e) Zr; (f) Nb; (g) Mo; and (h) La. The
vertical line is used to indicate shifts in the body-centered-cubic (BCC) peak (110)
with respect to that in Ti40V30Cr15Mn15 alloy.
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Rietveld refinement results from the XRD analysis are summarized in Table 1.
Lattice parameter a of the BCC phase ranges from 3.0679 Å to 3.0839 Å, which is
larger than the optimized value of 3.042 Å corresponding to the maximized hydrogen
storage capacity [19], leaving room for potential improvement in storage capacity for
future studies.

Table 1. Summary of X-ray diffraction (XRD) results from alloys Ti40V30Cr15Mn13X2.

X
a of BCC

phase
BCC phase
abundance

Secondary
phase

a of secondary
phase

c of secondary
phase

Secondary phase
abundance

Å wt% Å Å wt%

B 3.0703 98.2 TiO2 4.1761 - 1.8
Si 3.0679 96.9 TiO2 4.1472 - 3.1

Mn 3.0687 98.9 TiO2 4.1687 - 1.1
Ni 3.0649 99.7 TiO2 4.1567 - 0.3
Zr 3.0839 98.2 C14 4.9895 8.1790 1.8
Nb 3.0790 99.8 TiO2 4.1743 - 0.2
Mo 3.0774 99.6 TiO2 4.1706 - 0.4
La 3.0693 98.3 La2O3 11.302 - 1.7

The BCC lattice constant a is plotted against the atomic radius of the
substituting element in Figure 2. Alloys substituted with transition metals show
a linear relationship between the lattice constant and atomic radius (represented
by the straight line in Figure 2). B and Si, with smaller atomic radii and larger
electronegativity, do not shrink the BCC unit cell volume, which is possibly due to
the electrons transferred from neighboring atoms and increases in the radius. Similar
behavior has been found in the increase in the radius of B and Si in the Laves phase
intermetallic compound [20]. La, with the largest atomic radius, does not change the
BCC lattice constant, indicating La does not enter the BCC phase. According to the
results of Rietveld refinement, the BCC phase abundances in all alloys are greater
than 96.9%. TiO2 is the dominating secondary phase, with some exceptions, seen in
Alloy-Zr (C14), Alloy-Ni (TiNi observed in the SEM/EDS analysis as discussed in
the next section), and Alloy-La (La2O3). Zr is known to promote the Laves phase in
BCC-predominant alloys [21–26]. TiNi is a common phase seen in C14-predominant
alloys with high concentration of Ni [27–30]. The main diffraction peak of TiNi
overlaps with BCC (110) and, therefore, is indistinguishable in the XRD pattern
(Figure 1). La2O3 was formed since La is too large to be included in the BCC phase,
agreeing with the immiscibility shown in the La-V binary phase diagram [31].
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Figure 2. BCC lattice constant a vs. atomic radius of the partial substitution element
X in Ti40V30Cr15Mn13X2 alloys. There is a linear dependence when X is a transition
metal. Addition of the largest La does not change the BCC lattice constant because
La does not dissolve in the BCC phase and, instead, forms La2O3 secondary phase.
Adding relatively small B and Si with higher electronegativity do not shrink the
BCC unit cell because these atoms attract electrons from neighboring metallic atoms.

3.2. Scanning Electron Microscope/Energy Dispersive Spectroscopy
Microstructure Analysis

Microstructures of the alloys were studied using SEM. The back-scattering
electron images (BEI) are presented in Figure 3.
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Figure 3. Scanning electron microscope (SEM) back-scattering electron images (BEI)
for Ti40V30Cr15Mn13X2 alloys, where X = (a) B; (b) Si; (c) Mn; (d) Ni; (e) Zr; (f) Nb;
(g) Mo; and (h) La. Chemical compositions in the numbered areas measured by
energy dispersive spectroscopy (EDS) are listed in Table 2.

EDS, although a semi-quantitative analysis, was used to study the chemical
compositions of several spots with different contrasts identified numerically in the
micrographs (Figure 3), and the results are summarized in Table 2 due to convenience
and availability.
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Table 2. Summary of energy dispersive spectroscopy (EDS) results. All compositions
are in at%. Compositions of BCC phase are in bold.

Location Ti V Cr Mn X Phase

Figure 3a-1 41.1 29.3 16.7 12.9 0.0 BCC
Figure 3a-2 42.2 28.0 16.2 13.7 0.0 BCC
Figure 3a-3 42.2 28.2 16.3 13.3 0.0 BCC
Figure 3a-4 59.5 23.9 9.3 7.3 0.0 Oxide
Figure 3a-5 64.4 22.5 7.6 5.5 0.0 Oxide
Figure 3b-1 38.7 31.9 15.8 12.1 1.6 BCC
Figure 3b-2 38.4 32.2 15.8 12.1 1.5 BCC
Figure 3b-3 49.7 15.4 12.0 15.4 7.5 Oxide
Figure 3b-4 55.8 15.3 10.5 12.6 5.8 Oxide
Figure 3b-5 55.6 17.4 10.2 11.5 5.2 Oxide
Figure 3c-1 38.8 30.1 15.8 15.3 0.0 BCC
Figure 3c-2 38.7 29.9 15.9 15.5 0.0 BCC
Figure 3c-3 41.6 26.4 14.9 17.0 0.0 BCC
Figure 3c-4 43.3 26.2 14.6 15.9 0.0 BCC
Figure 3c-5 42.1 25.9 14.9 17.1 0.0 BCC
Figure 3d-1 36.9 33.8 16.6 11.4 1.3 BCC
Figure 3d-2 38.6 31.9 16.1 12.0 1.3 BCC
Figure 3d-3 42.6 28.2 14.7 12.4 2.1 BCC
Figure 3d-4 51.1 16.8 10.0 12.6 9.4 TiNi
Figure 3d-5 57.9 9.1 5.9 11.2 16.0 TiNi
Figure 3e-1 39.7 31.3 15.7 12.1 1.1 BCC
Figure 3e-2 43.1 19.9 13.3 15.9 7.7 C14/ZrxNiy
Figure 3e-3 32.9 19.3 16.7 20.4 10.6 C14/ZrxNiy
Figure 3e-4 31.5 17.9 16.4 21.5 12.7 C14/ZrxNiy
Figure 3e-5 39.0 17.3 14.8 18.4 10.5 C14/ZrxNiy
Figure 3f-1 38.7 32.8 15.1 11.3 2.1 BCC
Figure 3f-2 39.6 31.6 14.9 11.8 2.1 BCC
Figure 3f-3 39.6 31.8 14.9 11.6 2.1 BCC
Figure 3f-4 43.3 27.8 14.1 13.0 1.9 BCC
Figure 3f-5 45.1 25.9 13.9 13.3 1.9 BCC
Figure 3g-1 40.5 29.9 16.1 12.0 1.5 BCC
Figure 3g-2 41.4 29.0 16.1 12.3 1.3 BCC
Figure 3g-3 42.1 27.9 15.9 12.9 1.2 BCC
Figure 3g-4 44.9 25.5 15.3 13.6 0.7 BCC
Figure 3g-5 46.7 23.6 14.9 14.3 0.6 BCC
Figure 3h-1 45.5 26.1 13.9 14.5 0.0 BCC
Figure 3h-2 43.6 28.2 14.5 13.6 0.0 BCC
Figure 3h-3 34.0 24.2 10.5 9.1 22.2 La2O3
Figure 3h-4 16.1 10.4 1.0 5.6 66.9 La2O3
Figure 3h-5 5.0 2.9 1.0 0.0 91.2 La

199



Except for B and La, the substituting element is present in the BCC phase,
ranging in content from 1.1 at% to 2.1 at%. EDS, although a semi-quantitative
analysis, was used to study the chemical compositions of several spots with different
contrasts identified numerically in the micrographs (Figure 3), and the results are
summarized in Table 2 due to convenience and availability. Except for B and La,
the substituting element is present in the BCC phase, ranging in content from
1.1 at% to 2.1 at%. The EDS system used for the current study cannot quantify
the amount of lighter elements, such as B. According to the XRD and SEM-BEI
analyses, the B-predominating phase does not exist; therefore, it is assumed that B
is distributed in the BCC phase. Area with darker contrast in Alloy-B and Alloy-Si
(Figure 3a-4,3a-5,3b-3,3b-4,3b-5) are small TiO2 particles embedded in the BCC matrix.
Alloy-Mn, Alloy-Nb, and Alloy-Mo are uniform in composition. In Alloy-Ni, the TiNi
secondary phase was found (Figure 3d-4,3d-5). The C14/ZrxNiy phase in Alloy-Zr
distributes inter-granularly since the BCC phase solidifies first and pushes Zr into
the C14 phase. Average electron density (e/a) of the secondary phase in Alloy-Zr
is 5.06, which is below the C14/C15 threshold [32,33] and is, therefore, another
piece of evidence that the secondary phase is C14 rather than C15 in addition to
the findings in XRD analysis. B/A in this C14 phase is in the range of 0.97 to 1.3,
which is way too low for an AB2 with a perfect B/A of 2.0. Since there is no major
shift in XRD peaks of C14, these areas are not hypo-stoichiometric AB2. Therefore,
other ZrxNiy secondary phase must also co-exist in this C14 phase, as in the case of
AB2-predominated alloys [34,35]. Since the B/A ratios of the components of ZrxNiy
(Zr7Ni10, Zr9Ni11, TiNi, and ZrNi) are all below 2.0, their existence will lower the B/A
ratio in this region. In Alloy-La, La does not precipitate in the main BCC phase. La
either forms a large metallic inclusion (Figure 3h-5) or an oxide suspended uniformly
in the BCC matrix (Figure 3h-3)/near the edge of La metallic clusters (Figure 3h-4).
The zero-solubility of La in BCC explains why the addition of La does not change the
BCC lattice constant (Figure 2).

3.3. Gaseous Phase Study

PCT analysis was used to characterize the gaseous phase hydrogen storage
properties of alloys in this study. The chamber containing the sample was filled
with 7 MPa of hydrogen at 30 ◦C, and then the absorption amount was calculated,
followed by a PCT desorption measurement at the same temperature. The sample
was degassed at 400 ◦C for 2 h with a mechanical vacuum pump, and then a full
60 ◦C absorption-desorption PCT was measured. The sample was degassed at 400 ◦C
for 2 h again, followed by a 90 ◦C PCT measurement. Finally, it was degassed at
400 ◦C for 2 h, and a last 30 ◦C PCT measurement was conducted. Absorption and
desorption isotherms measured at 30 ◦C, 60 ◦C, and 90 ◦C together with the initial
30 ◦C desorption isotherm are shown in Figure 4. Information obtained from the
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PCT study is summarized in Table 3. Most of the alloys show similar gaseous phase
properties. Except for Alloy-Zr (3.12 wt%), the pristine alloys have similar maximum
storage capacities in the range of 3.30 wt% to 3.55 wt%. A storage capacity of 3.50 wt%
can be translated into an electrochemical discharge capacity 938 mAh·g−1 based
on 1 wt% of hydrogen storage is equivalent to 268 mAh·g−1. Maximum storage
capacities measured at 30 ◦C and 60 ◦C after 400 ◦C degassing show the following
trend: substitution of B > Mo ~Nb ~La > Ni ~Mn ~Si > Zr, which demonstrate
very weak correlations to the BCC unit cell volume (correlation factors R2 = 0.18
and 0.22 for storage capacities at 30 ◦C and 60 ◦C, respectively, indicating larger
BCC unit cell corresponds to lower capacity) that were opposite to was expected.
In general, reversibility of these alloys (ratio of revisable capacity down to 0.001 MPa
and maximum capacity) is much worse than that of AB2 or AB5 MH alloy because
of the fact the first pressure plateau between BCC and body-center-tetragonal (BCT)
phases is too low to be observed with our PCT apparatus. While Alloy-B shows
the best reversibility at 30 ◦C, Alloy-Mn and Alloy-Ni have better reversibility at
60 ◦C than others. Average reversible 30 ◦C storage capacity is about 0.7 wt%,
which is equivalent to an electrochemical discharge capacity of 188 mAh·g−1. The
90 ◦C desorption plateau pressure of Alloy-Ni is much higher than those of other
alloys. Hysteresis of the PCT isotherm is defined as ln(Pa/Pd), where Pa and Pd are
the absorption and desorption equilibrium pressures at 2.0 wt% hydrogen storage,
respectively. In this series of alloys, only PCT hysteresis at 90 ◦C can be measured. All
substitutions show similar or slightly lower hysteresis, except for Si. PCT hysteresis is
mainly from the energy required to elastically deform the lattice near the metal/MH
interface during hydrogenation. Most substitutions increase the chemical disorder
and reduce the PCT hysteresis. Nb has the same BCC crystal structure as Mn,
therefore its effects on the degree of disorder and PCT hysteresis are limited. Adding
Si with covalent bonding may stiffen the lattice, requiring higher energy to expand
the MH phase in the host metal.

Due to the low desorption plateau pressure in these alloys, the regular
thermodynamic calculation cannot be performed. Instead, the absorption equilibrium
pressures at 2.0 wt% hydrogen storage at 60 ◦C and 90 ◦C were used to estimate the
changes in enthalpy (∆H) and entropy (∆S) by the equation:

∆G = ∆H − T∆S = RTlnP (1)

where R is the ideal gas constant and T is the absolute temperature. Results of these
calculations are listed in Table 3. Compared to the base Alloy-Mn, all substitutions
decrease ∆H except for Zr, which indicates that Zr decreases the hydride stability.
In the case of Alloy-Zr, addition of the C14 phase in the alloy facilitates hydrogen
absorption through the synergetic effect between the storage and catalytic phases [36]
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and destabilizes the hydride. ∆S, usually calculated with the desorption isotherm, is
an indication of how far the MH system is from a perfect and ordered situation.
The theoretical value of ∆S is the entropy of hydrogen gas, which is close to
−130 J·mol−1·K−1 [37]. In our calculation, all substitutions decrease ∆S to below
−135 J·mol−1·K−1 except for Zr, which is an indication that a more ordered MH
system was formed. Alloy-Zr shows a relatively high value of ∆S, suggesting a more
disordered MH system was formed, possibly due to the interaction between the main
BCC and C14 secondary phases.

One interesting feature in the PCT isotherms caught one of the authors’ (Ouchi)
attention: several alloys—Alloy-B, Alloy-Zr, Alloy-Nb, and Alloy-Mo—show a small
plateau near 0.3 MPa on the 30 ◦C desorption curve while others do not. This plateau,
although very small (about 0.10 wt% to 0.16 wt%), is at a pressure just above one
atmosphere (0.1 MPa) and can be from a catalytic phase that has not been reported
previously. The importance of this phase with respect to electrochemical performance
will be discussed in the discussion section of this paper.

Table 3. Summary of gaseous phase hydrogen storage properties. PCT: pressure-
concentration-temperature.

X

Initial
maximum
capacity

30 ◦C
maximum
capacity

30 ◦C
reversible
capacity

60 ◦C
maximum
capacity

60 ◦C
reversible
capacity

90 ◦C
desorption
pressure
@2.0 wt%

90 ◦C
hysteresis
@2.0 wt%

−∆H −∆S PCT
plateau

@0.3 MPa
wt% wt% wt% wt% wt% MPa kJ·mol−1 J·mol−1·K−1

B 3.48 3.38 1.73 3.43 1.00 0.011 1.7 67 181 Yes
Si 3.30 3.08 0.52 3.08 1.12 0.011 2.5 56 156 No

Mn 3.47 3.11 0.49 3.02 1.40 0.013 2.0 37 107 No
Ni 3.39 3.16 0.63 3.16 1.56 0.028 1.8 58 165 No
Zr 3.12 2.76 0.53 2.59 1.09 0.016 1.9 22 63 Yes
Nb 3.48 3.25 0.59 3.19 0.86 0.011 2.0 64 176 Yes
Mo 3.42 3.24 0.56 3.29 1.00 0.012 1.8 66 178 Yes
La 3.55 3.19 0.49 3.19 0.74 0.009 1.6 67 178 No

3.4. Electrochemical Measurement in 30% KOH

In a flooded half-cell, the electrochemical properties of MH alloys in this study
were studied. Electrodes were made with powder after the PCT measurement and
degassed four times at 400 ◦C for 2 h. No alkaline pretreatment was applied before
the half-cell measurement. The charge condition was 10 h with a current density of
50 mA·g−1 and discharged at the same rate initially and followed by two pulls at
12 mA·g−1 and 4 mA·g−1 with a cut-off voltage at 0.9 V versus the counter electrode.
The 500 mAh total charge input was based on the maximum reversible gaseous phase
capacity being 1.73% (429 mAh·g−1). The charge and discharge voltage curves for
Alloy-Mo are shown in Figure 5. The high resistance through the poor-conducting
TiO2 surface resulted from the highly-corrosive 30% KOH electrolyte may cause the
large charge and discharge overpotentials [5].
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Figure 4. PCT isotherms measured at 30 °C (both before and after 400 °C degassing), 60 °C, 

and 90 °C for Ti40V30Cr15Mn13X2 alloys, where X = (a) B; (b) Si; (c) Mn; (d) Ni; (e) Zr; (f) Nb; 

(g) Mo; and (h) La. Open and solid symbols are for absorption and desorption curves, respectively. 
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1.73% (429 mAh·g−1). The charge and discharge voltage curves for Alloy-Mo are shown in Figure 5. 

The high resistance through the poor-conducting TiO2 surface resulted from the highly-corrosive 30% 

KOH electrolyte may cause the large charge and discharge overpotentials [5]. 

Figure 4. PCT isotherms measured at 30 ◦C (both before and after 400 ◦C degassing),
60 ◦C, and 90 ◦C for Ti40V30Cr15Mn13X2 alloys, where X = (a) B; (b) Si; (c) Mn;
(d) Ni; (e) Zr; (f) Nb; (g) Mo; and (h) La. Open and solid symbols are for absorption
and desorption curves, respectively.
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Figure 5. The first cycle charge and discharge voltage profiles for Ti40V30Cr15Mn13Mo2.

Capacities totaled at 50, 12, and 4 mA·g−1 are listed in Table 4.

Table 4. Summary of electrochemical hydrogen storage properties.

X
1st cycle capacity @

50 mA·g−1
1st cycle capacity @

12 mA·g−1
1st cycle capacity @ 4

mA·g−1

mAh·g−1 mAh·g−1 mAh·g−1

B 81 163 179
Si 8 14 16

Mn 12 20 24
Ni 33 47 61
Zr 64 130 144
Nb 41 68 79
Mo 152 234 247
La 23 39 41

About 50% of the capacity was obtained at the highest rate. The total capacity
(totaled at 4 mA·g−1) for the first six cycles of each alloy is plotted in Figure 6a.
All substitutions for Mn, except for Si, show improvement in the first cycle capacity.
The first cycle capacity demonstrates the trend of substitution of Mo > B > Zr > Nb >
Ni > La > Mn > Si. Alloy-Si has the highest hysteresis, indicating its proneness to
pulverization [38] and, thus, poor electrochemical performance. Alloy-Mo shows
the highest discharge capacity at 247 mAh·g−1. Partial Mo substitution in Ti-Cr MH
alloy was reported previously, and it stabilized the BCC structure and improved
the gaseous phase properties [39]. As seen in Figure 6a, capacity drops to almost
nothing at the second cycle due mainly to the highly corrosive nature of 30% KOH
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electrolyte. The large amount of over-charge may also contribute to the severe
capacity degradation. The original capacity of Alloy-Mo without corrosion from
KOH can be extrapolated and is about double that obtained from the first cycle; in
other words, electrochemical capacity close to 500 mAh·g−1 is possible if corrosion
and passivation can be prevented from the use of non-corrosive electrolyte. In cycles
two to six, Alloy-Ni with the TiNi phase shows the highest discharge capacity since
the TiNi phase protects some portions of the bulk from being completely corroded.
TiNi was found to increase the cycle stability of Laves phase MH alloys in a previous
study [32].Batteries 2015, 1 85 
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Figure 6. (a) Discharge capacities measured at 4 mA·g−1 in 30% KOH for
Ti40V30Cr15Mn13X2 alloys and (b) discharge capacities measured at 4 mA·g−1

for Ti40V30Cr15Mn13Mo2 in modified electrolytes and with Nafion treatment.

A SEM micrograph taken from the surface of Alloy-Mo after six electrochemical
cycles reveals severe pulverization (Figure 7a), and the EDS spectrum taken from
the surface shows no trace of oxide (Figure 7b). It may be too thin and compact
to be detected in the current study, but surface TiO2 formed after cycling was
reported previously in a BCC alloy [5] and can hinder the surface electrochemical
reaction completely.
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Figure 7. (a) SEM surface micrograph exhibiting the severe pulverization and
(b) EDS spectrum showing negligible amount of oxygen on the surface after six
electrochemical cycles with Ti40V30Cr15Mn13Mo2.

In order to improve the cycle stability, preferential leaching, and surface
passivation issues need to be addressed. Therefore, the effects of Y2O3 and ZnO
additions in electrolyte and Nafion surface coating on electrode are investigated.
It was found that by mixing Y2O3 powder to AB5 alloy powder, dissolution of the
alloy’s constituent elements and formation of rare earth hydroxides were suppressed
by an yttrium protective film on the alloy surface [40,41]. A small amount of
Y2O3 dissolved in the alkaline electrolyte, and the yttrium complex ions were then
adsorbed on or chemically bound to the surface of the alloy powder. ZnO, an
amphoteric species, is nearly insoluble in water but soluble in acid and base. ZnO’s
effect as an electrolyte additive on electrochemical degradation performance will be
interesting to observe. One drawback of Y2O3 addition is that the yttrium protective
layer lowers the catalytic activity of the alloy surface and, consequently, reduces the
surface charge transfer reaction [40]. In order to possibly solve such an issue, Nafion,
which is hydrogen-permeable with great chemical stability, was also adopted in the
current study. Nafion applied as a protective coating increased the first cycle capacity
by up to 75% in an MgNi-based alloy [42]. For the electrolyte modification study,
two electrolytes were made by adding 2 wt% Y2O3 and 2 wt% ZnO (both based on
the amount of KOH) into 30% KOH and used in the half-cell measurements with
Alloy-Mo. For the surface modification study, Alloy-Mo electrode was coated with
Nafion (perfluorosulfonic acid-PTFT copolymer, 5 wt% in water and 1-propanol) by
dipping it for 2 min in ethanol diluted Nafion solution, where the ethanol to Nafion
solution ratio was 5:1 by weight, and then heat treating for 2 h at 120 ◦C under argon
atmosphere. The total capacity of each treatment compared to that of standard 30%
KOH is plotted in Figure 6b. The first cycle capacity is improved with the additions
of Y2O3 and ZnO from 247 mAh·g−1 to 320 mAh·g−1, but it still drops dramatically
at the second cycle due to pulverization. The additives were incorporated differently
than they were the previous study, where pasted electrode was made using the
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mixture of additive, alloy powder, and water [40]. The wet method can perhaps
provide a better distribution of additive and more complete protection for the alloy.
Among all treatments, Nafion coating on electrode is the most effective in improving
the first cycle capacity and achieves 408 mAh·g−1, but degradation after the first
cycle is still severe. After cycling, alloy particle pulverization (as seen from the SEM
micrograph in Figure 7a) creates new surfaces that are not protected by the Nafion
coating. Combination of surface coating (original robust protection) and electrolyte
modification (continuous protection throughout cycling) may be advantageous for
further corrosion and passivation inhibitions.

3.5. Discussion

To further study the correlations between electrochemical discharge capacity
and various properties, correlation factors R2 from linear regression are calculated
and listed in Table 5. All correlations with gaseous phase properties are insignificant.

Table 5. Correlation factor (R2) between electrochemical discharge capacity and
various gaseous phase hydrogen storage properties. A R2 value closer to one
indicates better linear correlation between the two variables.

Correlation
factor

Initial
maximum
capacity

30 ◦C
maximum
capacity

30 ◦C
reversible
capacity

60 ◦C
maximum
capacity

60 ◦C
reversible
capacity

90 ◦C
desorption
pressure
@2 wt%

90 ◦C
hysteresis
@2 wt%

∆H
BCC

lattice
constant a

Plateau
width

R2 = 0.02 0.03 0.17 0.04 0.06 0.01 0.19 0.02 0.29 0.70

Correlation with BCC lattice constant is only marginally significant (R2 = 0.29)
and plotted in Figure 8a, showing the enlargement of unit cell results in an increase
in electrochemical capacity but not in a strictly linear relationship.

One significant correlation can be established between electrochemical capacity
and occurrence of a small plateau near 0.3 MPa on the 30 ◦C desorption isotherm.
Among all alloys, Alloy-B, Alloy-Zr, Alloy-Nb, and Alloy-Mo have this plateau
at around 0.3 MPa and also the highest electrochemical discharge capacity. This
plateau is from an intermediate hydride phase that can be catalytic and improve
the electrochemical reaction. Electrochemical discharge capacity is plotted against
width of the plateau at around 0.3 MPa (0.16 wt% for Alloy-B, 0.09 wt% for Alloy-Zr,
0.08 wt% Alloy-Nb, and 0.10 wt% for Alloy-Mo, which is defined as the width of
concentration difference between the extrapolations from two neighboring isotherms)
in Figure 8b and shows a strong correlation with R2 = 0.70. Furthermore, correlation
with transition metal substitution is even stronger as seen from the straight line
connecting points from Alloy-Mo, Alloy-Zr, and Alloy-Nb. Electrochemical discharge
capacity is mainly dominated by the catalytic phase formed during hydrogenation.
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4. Conclusions

Various hydrogen storage properties in gaseous phase and in electrochemistry of
a series of TiVCrMn-based BCC alloys with different partial substitutions for Mn with
B, Si, Ni, Zr, Nb, Mo, and La were investigated. All substitutions went into the BCC
phase except for La. While Ni promoted the formation of TiNi secondary phase that
provided better cycle stability, Zr promoted the formation of C14 secondary phase,
which did not affect any of the properties significantly due to its small abundance.
Correlations between gaseous phase properties and lattice constant were not clear.

A newly discovered catalytic phase formed during hydrogenation was found to
be very critical for the electrochemical discharge capacity performance. This phase
enabled the electrochemical application of BCC-only alloys without contributions
from secondary phases. The highest discharge capacity of 247 mAh·g−1 was obtained
from Ti40V30Cr15Mn13Mo2 alloy with both a catalytic hydride phase at around
0.3 MPa and an enlarged BCC unit cell. Further improvement in electrochemical
capacity of this alloy reached as high as 408 mAh·g−1 when a protective Nafion
coating was applied on the electrode. Substitutions of B, Nb, and Zr also improved
the electrochemical capacity but at a lesser degree.
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Studies on Incorporation of Mg in Zr-Based
AB2 Metal Hydride Alloys
Shiuan Chang, Kwo-hsiung Young, Taiehi Ouchi, Tiejun Meng, Jean Nei and
Xin Wu

Abstract: Mg, the A-site atom in C14 (MgZn2), C15 (MgCu2), and C36 (MgNi2)
Laves phase alloys, was added to the Zr-based AB2 metal hydride (MH) alloy during
induction melting. Due to the high melting temperature of the host alloy (>1500 ˝C)
and high volatility of Mg in the melt, the Mg content of the final ingot is limited to 0.8
at%. A new Mg-rich cubic phase was found in the Mg-containing alloys with a small
phase abundance, which contributes to a significant increase in hydrogen storage
capacities, the degree of disorder (DOD) in the hydride, the high-rate dischargeability
(HRD), and the charge-transfer resistances at both room temperature (RT) and´40 ˝C.
This phase also facilitates the activation process in measurement of electrochemical
discharge capacity. Moreover, through a correlation study, the Ni content was found
to be detrimental to the storage capacities, while Ti content was found to be more
influential in HRD and charge-transfer resistance in this group of AB2 metal hydride
(MH) alloys.

Reprinted from Batteries. Cite as: Chang, S.; Young, K.-h.; Ouchi, T.; Meng, T.;
Nei, J.; Wu, X. Studies on Incorporation of Mg in Zr-Based AB2 Metal Hydride Alloys.
Batteries 2016, 2, 11.

1. Introduction

Laves phase-based AB2 metal hydride (MH) alloy is one of the high-capacity
negative electrode materials used in nickel/metal hydride (Ni/MH) batteries. Its
reversible hydrogen storage capacity can be as high as 3 wt% [1], which is equivalent
to an electrochemical capacity of 804 mAh¨g´1. The measured electrochemical
discharge capacity can reach up to 436 mAh¨g´1 [2], which is about 25% higher
than the conventional AB5 MH alloys based on rare earth metals (330 mAh¨ g´1) [3,4].
Early in their development, AB2 MH alloys suffered from a harder activation and
a shorter cycle life when compared to AB5 MH alloys [5–8]. With composition
and process refinement, the activation and cycle stability of AB2 MH alloys as
negative electrode active material improved substantially [9]. However, the high-rate
dischargeability (HRD) of the AB2 MH alloys, especially at low temperature, is
still significantly inferior to the AB5 MH alloys because of the relatively low nickel
content in the AB2 alloy [10]. Various additions, including transition metals—Al [11],
Cr [12], Co [13], Cu [14,15], Fe [16], Mo [17,18], Zn [19], Pt [20], Pd [21,22], rare earth
metals—Y [23], Ce [24], La [25,26], and Nd [27], and others such as Si [28] and B [29],
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have been used to reduce the surface charge transfer resistance and increase the HRD
of AB2 MH alloys. In this paper, we summarize our findings regarding the use of
one of the alkaline earth elements, Mg, as an additive in AB2 MH alloys.

Mg can form various Laves phase alloys with different transition metals, such
as C14 (MgZn2), C15 (MgCu2), and C36 (MgNi2) [30]. Mg-containing Mg2Ni, with
an hP18 hexagonal structure (derivative of AlB2 type [31]), is an important MH alloy
that typically works in a temperature range of 200–250 ˝C. When the crystalline size
decreases to the nanoscale or an amorphous state, Mg2Ni can be used as the negative
electrode material in Ni/MH batteries [32–41]. A more suitable stoichiometry for
the Mg-Ni system is MgNi (1:1) but, unfortunately, it is not possible to obtain this
material through conventional melt-and-cast, according to the phase diagram [42].
Amorphous MgNi prepared by a combination of melt-spin and mechanical alloying
can achieve an electrochemical capacity of 720 mAh¨ g´1 for the first cycle. However,
it has very poor cycle stability [43] and is, therefore, the subject of a DoE-funded
project [44,45]. Reports of Mg use as a modifier in adjusting the hydrogen storage
properties of AB2 MH alloys are very scarce [46], which is very different from
Mg-containing superlattice-based MH alloys (reviewed in [47]). Although Mg
alone can form Laves phases, Mg is only slightly solubility in Zr(Ti)-based AB2

phases (0.3 at%) and segregates into a Mg2Ni phase [46]. The Mg2Ni secondary
phase reduces the surface reaction current, but increases the charge retention [46].
In addition to adding Mg to AB2 alloy, we also investigated the role of Mg-addition
(9.5 at%) in Zr8Ni21 and found that the Mg-added alloy segregates into Zr7Ni10

matrix, consisting of Zr2Ni7 grains with occasional Mg2Ni inclusions, and Mg has
a solubility of about 1.5 at% in the Zr2Ni7 phase [48]. Additionally, Mg added in
Zr8NNi21 alloy hindered the formation process, but increased the surface reaction
exchange current [49].

2. Experimental Setup

An induction melting process involving an MgAl2O4 crucible, an alumina
tundish, a 2-kg furnace under argon atmosphere, and a pancake-shaped steel mold
was used to prepare the ingot samples. MgNi2 alloy was used as the Mg source,
which was added in the final melting step. A 50% excess of Mg was added to
compensate for evaporation loss. The ingots were first hydrided/dehydrided to
increase their brittleness and then crushed and ground into ´200 mesh powder.
The chemical compositions of the ingots were analyzed using a Varian Liberty
100 inductively coupled plasma-optical emission spectrometer (ICP-OES, Agilent
Technologies, Santa Clara, CA, USA). A Philips X’Pert Pro X-ray diffractometer
(XRD, Amsterdam, The Netherlands) was used to study the phase component.
A JEOL-JSM6320F scanning electron microscope (SEM, Tokyo, Japan) with energy
dispersive spectroscopy (EDS) was applied in investigating the phase distribution
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and composition. The hydrogen storage was measured using a Suzuki-Shokan
multi-channel pressure-concentration-temperature system (PCT, Tokyo, Japan).
In PCT analysis, each sample was first activated by a 2-h thermal cycle between
room temperature (RT) and 300 ˝C under 2.5 MPa H2 pressure, and then measured
at 30, 60, and 90 ˝C. Details of the electrode and cell preparations, as well as
the measurement methods, were previously reported [50,51]. AC impedance
measurements were conducted using a Solartron 1250 Frequency Response Analyzer
(Solartron Analytical, Leicester, UK) with a sine wave amplitude of 10 mV and
frequency range of 0.5 mHz to 10 kHz. Prior to experiments, electrodes were
subjected to one full charge/discharge cycle at a rate of 0.1C, using a Solartron
1470 Cell Test galvanostat, discharged to 80% state-of-charge, and then cooled to
´40 ˝C. Magnetic susceptibility was measured using a Digital Measurement Systems
Model 880 vibrating sample magnetometer (MicroSense, Lowell, MA, USA).

3. Results and Discussion

Six alloys were prepared by the induction melting technique. The design
composition, with the ICP results, is summarized in Table 1. The Mg-free base
alloy, Mg0, has been used numerous times in the previous comparison works [15–19].
In the design, Mg-content was varied from 0 to 5 at% in alloys Mg0–Mg5, respectively.
However, due to the strong rejection from the major phase, the Mg-content in the
final alloys is in the range of only 0.6–0.8 at%. To compensate for the increase in
Mg-content in the design, both the Ti- and Ni contents were reduced. While the
reduction in Ti content is clearly observed in ICP results, the reduction in Ni content
is not obvious in alloys Mg1–Mg3, and the average Ni content actually increases
in alloys Mg4 and Mg5 because of Mg loss. The average electron density (e/a), a
strong factor in determining the C14/C15 phase abundance ratio [30,52], decreases
monotonically in the design, but stabilized in the beginning and then increases in
the ICP results, mirroring the evolution of Ni content. The B/A ratio, defined by the
ratio of atomic percentage of B-sites (elements other than Zr, Ti, and Mg) and A-site
atoms (Ti, Zr, and Mg), decreases in the design (hypo-stoichiometry), but stabilizes
and then increases (hyper-stoichiometry) in the ICP results due to the increase in Ni
content. The impact of stoichiometry on the performance of AB2 MH alloys has been
previously studied [53,54]. In general, hypo-stoichiometry promotes the C14 phase,
lowers the PCT plateau pressure, and decreases HRD.
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Table 1. Design compositions and inductively coupled plasma (ICP) results in at%.
e/a is the average electron density. B/A is the atomic ratio of B-atom (elements
other than Ti, Zr, and Mg) to A-atom (Ti, Zr, and Mg).

Alloy Source Zr Ti V Cr Mn Co Ni Mg Sn Al e/a B/A

Mg0 Design 21.5 12.0 10.0 7.5 8.1 8.0 32.2 0.0 0.3 0.4 6.82 1.99
ICP 21.5 12.0 10.0 7.5 8.1 8.0 32.2 0.0 0.4 0.3 6.82 1.99

Mg1 Design 21.5 11.4 10.0 7.5 8.1 8.0 31.8 1.0 0.3 0.4 6.78 1.95
ICP 21.0 11.3 10.0 7.5 8.3 8.1 32.2 0.6 0.3 0.7 6.82 2.04

Mg2 Design 21.5 10.8 10.0 7.5 8.1 8.0 31.4 2.0 0.3 0.4 6.73 1.92
ICP 22.5 10.9 9.9 7.2 8.2 8.0 31.8 0.8 0.3 0.4 6.78 1.92

Mg3 Design 21.5 10.2 10.0 7.5 8.1 8.0 31.0 3.0 0.3 0.4 6.69 1.88
ICP 21.5 10.5 10.3 7.3 8.4 8.4 32.0 0.7 0.3 0.6 6.82 2.06

Mg4 Design 21.5 9.6 10.0 7.5 8.1 8.0 30.6 4.0 0.3 0.4 6.65 1.85
ICP 21.0 9.6 9.8 6.9 8.3 8.2 34.7 0.6 0.3 0.6 6.96 2.21

Mg5 Design 21.5 9.0 10.0 7.5 8.1 8.0 30.2 5.0 0.3 0.4 6.60 1.82
ICP 20.5 8.6 9.6 7.0 8.0 7.9 36.7 0.8 0.3 0.6 7.05 2.34

3.1. X-Ray Diffractometer Analysis

XRD analysis is an important tool to study the multi-phase nature of the Laves
phase MH alloys [55–58]. The XRD patterns for alloys Mg0–Mg5 are shown in
Figure 1. Peaks from the C15 cubic phase overlap with some of those from the C14
hexagonal phase. The TiNi phase with a B2 cubic structure can be seen in most of the
XRD patterns. In addition to the C14, C15, and TiNi phases, one more cubic phase
was observed in the Mg-containing alloys and it is believed to relate to Mg addition
in the alloy. As the alloy number increases (Mg0ÑMg5), the intensities of C14-only
peaks (for example, the one near 39.5˝) decrease and the main C14/C15 peak (around
42.8˝) first shifts to the left (larger unit cell) and then shifts to the right (smaller unit
cell), as indicated by the blue vertical line in Figure 1.

The lattice constants of the four phases obtained from the XRD analysis are
listed in Table 2 with the crystallite size of the main C14 phase. With the increase in
alloy number, the lattice constants of the C14 phase first increase and then decrease.
The changes are very isotropic, as seen from the nearly unchanged a/c ratio. The
crystallite size of the C14 phase decreases, and the lattice constants of C15 and TiNi
follow the same trend as observed in the C14 main phase.
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Figure 1. X-ray diffractometer (XRD) patterns using Cu-Kα as the radiation source for alloys: (a) Mg0; 
(b) Mg1; (c) Mg2; (d) Mg3; (e) Mg4; and (f) Mg5. In addition to two Laves phases, two cubic phases 
can be also identified. The vertical line indicates the main C14/C15 peak shifting to lower and then 
higher angles with an increasing alloy number. 

Figure 1. X-ray diffractometer (XRD) patterns using Cu-Kα as the radiation source
for alloys: (a) Mg0; (b) Mg1; (c) Mg2; (d) Mg3; (e) Mg4; and (f) Mg5. In addition
to two Laves phases, two cubic phases can be also identified. The vertical line
indicates the main C14/C15 peak shifting to lower and then higher angles with an
increasing alloy number.

Table 2. Lattice constants a and c, a/c ratio, unit cell volume, and crystallite
size of the main C14 phase of alloys Mg0–Mg5 from XRD analysis. ND denotes
non-detectable.

Alloy Mg0 Mg1 Mg2 Mg3 Mg4 Mg5

C14 a (Å) 4.9545 4.9566 4.9727 4.9593 4.9555 4.9473
C14 c (Å) 8.0733 8.0781 8.1082 8.0846 8.0738 8.0586
C14 a/c 0.6137 0.6136 0.6133 0.6134 0.6138 0.6139

C14 unit cell volume (Å3) 171.63 171.87 173.64 172.20 171.71 170.82
C14 crystallite size (Å) 685 518 400 385 398 373

C15 a (Å) 6.9932 6.9894 7.0098 6.9926 6.9770 6.9628
TiNi a (Å) 3.0667 3.0674 3.0914 3.0687 3.0590 ND

Mg-related cubic a (Å) ND 4.6553 4.6655 4.6670 4.6567 4.6711

The phase abundances of four constituent phases, obtained from a Rietveld
refinement of the XRD patterns, are listed in Table 3. In general, as the alloy
number increases, the C14 phase was replaced by the C15 phase and the TiNi
phase abundance first increases and then decreases while the phase abundance
of the Mg-related cubic phase remains unchanged. The evolution of the C14/C15
phase agrees with the changes in e/a and B/A (Table 1), because the C14/C15 phase
determination threshold of e/a is approximately 6.9 in this case [52].
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Table 3. Phase abundances of alloys Mg0–Mg5 from XRD analysis. ND denotes
non-detectable.

Alloy C14 Abundance (%) C15 Abundance (%) TiNi Abundance (%) Cubic Abundance (%)

Mg0 93.7 5.2 1.2 ND
Mg1 81.8 15.9 2.0 0.3
Mg2 88.3 7.9 3.5 0.3
Mg3 72.0 25.1 2.4 0.5
Mg4 56.5 42.2 1.0 0.4
Mg5 36.9 62.6 ND 0.5

3.2. Scanning Electron Microscope/Energy Dispersive Spectroscopy Analysis

SEM back-scattering electron images (BEI) for alloys Mg1–Mg5 are shown in
Figure 2. EDS was used to study composition information of representative spots
with different contrasts on the BEI micrographs and the results are summarized
in Table 4. As we know, EDS is a semi-quantitative analysis and results are
only for comparison purpose. The microstructure of the Mg-free alloy (Mg0)
was published before (as alloy Mo0 in [17]) and is composed of C14 and TiNi
phases. In the microstructures of Mg-containing alloys, a C15 phase (judging from its
relatively higher e/a value) with a slightly brighter contrast and an Mg-predominated
phase with a darker contrast start to appear. The TiNi phase is usually surrounded
by the C15 phase, since the cooling sequence is C14-C15-TiNi [59,60]. According
to the EDS results shown in Table 4, the Mg-content in the C14 phase is very small
(0.2–0.3 at%), while that of the C15 phase is slightly higher (0.3–0.7 at%). In addition,
the B/A ratios in the C14 phase are higher than those in the C15 phases. The initial
increase followed by a decrease in the C14 lattice parameters found through XRD
analysis can be explained by the balance between the decrease in the content of
relatively small Ti (larger C14 unit cell) and the increase in B/A ratio (smaller C14
unit cell [61]). The B/A ratio in the TiNi phase is calculated based on the assumption
of V occupying the A-site [27] and the results are still higher than 1, which indicates
the possibility of other ZrxNiy secondary phases with higher B/A ratios. The nature
of the ZrxNiy phase was studied before by transmission electron microscopy [62].
The Mg-rich phase (the fourth phase in each BEI micrograph) has an Mg-content
from 45.4 at% to 82.1 at%. It is difficult to link this phase to the cubic phase found
by XRD since all alloys in Mg-Ni phase diagram are hexagonal (Mg, Mg2Ni, and
MgNi2). An MgIn2 intermetallic alloy with a cubic structure and a lattice constant of
4.60 Å [63] was the prototype used in our XRD analysis. The phase with the bright
contrast (the fifth phase in each BEI micrograph) has a relatively higher Zr-content
and a B/A ratio close to 1.0, and therefore is identified as the ZrNi phase. It cannot
be the mixture of Zr metal and neighboring Laves phase because of a relatively low
V-content (similar to the case of TiNi phase). The corresponding XRD peak of this
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ZrNi phase cannot be identified due to low abundance. The Mg-contents in the TiNi
and ZrNi phases are slightly higher than those in the C14 and C15 phases.
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Figure 2. Scanning electron microscope (SEM) back-scattering electron image (BEI) micrographs from 
alloys: (a) Mg1; (b) Mg2; (c) Mg3; (d) Mg4; and (e) Mg5. The scale bar at the lower right corner 
represent 25 μm. The compositions of the numbered areas were analyzed by energy dispersive 
spectroscopy (EDS), and results are shown in Table 4. Areas 1, 2, 3, 4, 5, and 6 are identified as C14, 
C15, TiNi, Mg-cubic, ZrNi, and Zr phases, respectively. 

Figure 2. Scanning electron microscope (SEM) back-scattering electron image (BEI)
micrographs from alloys: (a) Mg1; (b) Mg2; (c) Mg3; (d) Mg4; and (e) Mg5. The scale
bar at the lower right corner represent 25 µm. The compositions of the numbered
areas were analyzed by energy dispersive spectroscopy (EDS), and results are
shown in Table 4. Areas 1, 2, 3, 4, 5, and 6 are identified as C14, C15, TiNi, Mg-cubic,
ZrNi, and Zr phases, respectively.
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Table 4. Summary of EDS results. All compositions are in at%. Compositions of
the main C14 and C15 phase are in bold and italic, respectively.

Area Zr Ti V Cr Mn Co Ni Mg Sn Al e/a B/A Phase

Mg1-1 20.4 10.5 11.1 8.6 8.8 8.7 31.0 0.2 0.2 0.5 6.83 2.22 C14
Mg1-2 21.0 12.2 6.9 4.2 6.2 6.1 41.9 0.1 0.8 0.6 7.15 2.00 C15
Mg1-3 16.9 23.4 2.4 1.3 3.1 5.9 45.2 0.3 1.1 0.4 7.14 1.33 TiNi
Mg1-4 9.9 8.4 4.6 2.7 3.6 3.6 20.0 46.6 0.4 0.2 4.65 0.54 Mg-cubic
Mg1-5 27.5 12.1 2.2 1.0 2.5 3.2 42.0 0.3 8.9 0.3 6.79 1.05 ZrNi
Mg2-1 21.9 9.9 11.9 8.0 9.1 8.7 29.4 0.3 0.2 0.6 6.74 2.12 C14
Mg2-2 22.8 11.6 6.7 3.7 6.4 6.2 40.9 0.4 0.8 0.5 7.08 1.87 C15
Mg2-3 20.7 21.4 1.4 0.5 2.3 6.0 45.5 1.2 0.5 0.5 7.09 1.24 TiNi
Mg2-4 12.9 5.7 2.0 1.0 2.0 2.3 16.1 57.2 0.7 0.0 4.03 0.32 Mg-cubic
Mg2-5 29.0 11.7 1.8 0.9 2.5 3.4 41.5 0.9 7.7 0.5 6.74 1.03 ZrNi
Mg3-1 20.6 9.8 11.9 7.4 9.3 9.1 31.0 0.3 0.2 0.4 6.85 2.26 C14
Mg3-2 20.4 12.2 7.2 3.2 6.5 6.3 42.5 0.5 0.7 0.5 7.18 2.02 C15
Mg3-3 15.6 25.7 1.7 0.4 2.6 5.8 45.6 1.3 0.8 0.6 7.10 1.26 TiNi
Mg3-4 9.2 2.7 0.4 0.2 0.5 0.6 4.2 82.1 0.1 0.0 2.66 0.06 Mg-cubic
Mg3-5 30.7 9.4 1.0 0.6 1.9 2.2 41.1 1.1 11.7 0.4 6.63 0.89 ZrNi
Mg3-6 95.2 1.8 0.3 0.2 0.4 0.3 1.7 0.1 0.0 0.0 4.13 0.03 Zr
Mg3-7 78.1 5.4 2.4 1.3 1.9 2.0 8.4 0.2 0.2 0.0 4.70 0.19 ZrO2
Mg4-1 22.4 7.1 12.1 12.3 10.1 9.9 25.4 0.3 0.1 0.3 6.68 2.36 C14
Mg4-2 19.3 12.6 7.9 3.9 6.7 6.6 41.7 0.3 0.5 0.5 7.18 2.11 C15
Mg4-3 13.8 26.8 2.0 0.6 3.0 5.8 45.8 0.7 1 0.5 7.14 1.31 TiNi
Mg4-4 7.1 8.9 2.0 0.9 2.1 2.6 19.6 56.0 0.6 0.1 4.28 0.39 Mg-cubic
Mg4-5 26.6 11.5 2.7 1.1 3.1 2.8 42.8 0.6 8.4 0.4 6.83 1.12 ZrNi
Mg4-6 95.1 1.6 0.3 0.2 0.3 0.3 1.9 0.2 0.0 0.0 4.14 0.03 Zr
Mg5-1 21.8 6.3 11.1 11.9 9.4 9.8 28.8 0.3 0.1 0.4 6.84 2.52 C14
Mg5-2 17.6 11.7 8.6 4.0 7.2 6.4 42.8 0.7 0.4 0.6 7.25 2.33 C15
Mg5-3 8.4 28.8 3.3 0.8 3.9 6.1 45.4 1.0 1.2 1.0 7.16 1.41 TiNi
Mg5-4 12.9 8.0 3.0 1.0 2.4 2.2 24.4 45.4 0.6 0.2 4.79 0.51 Mg-cubic
Mg5-5 25.4 13.0 1.8 0.7 2.1 2.1 44.5 0.3 9.9 0.3 6.87 1.06 ZrNi
Mg5-6 83.6 4.8 1.0 0.7 0.8 0.7 7.8 0.2 0.5 0.0 4.55 0.13 Zr

3.3. Pressure-Concentration-Temperature Analysis

PCT measurement has been used extensively in the study of Laves phase MH
alloys reacting with hydrogen gas [64–69]. PCT isotherms measured at 30 ˝C and
60 ˝C for alloys Mg0–Mg5 are compared in Figure 3. These isotherms lacking
noticeable plateaus are commonly observed in highly-disordered AB2 MH alloys.
The multi-phase nature in this group of alloys lowers the critical temperature (Tc)
when the pressure plateau starts to disappear [70–72]. Some hydrogen storage
properties detected from the PCT isotherms are listed in Table 5. Both the maximum
and reversible hydrogen storage capacities first increase and then decrease as the
alloy number increases. Due to the lack of obvious plateau pressure, the desorption
pressure at 0.75 wt% of hydrogen storage capacity was used for comparison between
equilibrium pressure and calculation of hysteresis, and heat of hydride formation
(∆Hh) and change in entropy (∆Sh). In the Mg-containing alloys, the equilibrium
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pressure first decreases and then increases as the alloy number increases, which
complies with the general rule that a higher metal-hydrogen bond strength yields
a lower plateau pressure and a higher hydrogen storage capability [50]. The slope
factor (SF) indicates the degree of disorder (DOD) in an alloy. SF is defined as the
ratio of the storage capacity between 0.01 MPa and 0.5 MPa to the total capacity in
the desorption isotherm [2,19,51]. An alloy with a large SF has a flatter plateau and
less DOD (less components or less variations among the components). As the alloy
number increases, the SF decreases, indicating an increase in alloy homogeneity with
addition of Mg. The hysteresis of the PCT isotherm is defined as ln(Pa/Pd), where
Pa and Pd are the absorption and desorption equilibrium pressures, respectively, at
0.75 wt% H-storage. The irreversible energy loss during plastic deformation of the
hydride phase in the alloy matrix is a common explanation for PCT hysteresis [73–75],
and was linked to the a/c ratio and pulverization rate of the alloy [76]. In this study,
the addition of Mg does not significantly change PCT hysteresis and should have no
impact on the pulverization rate of alloy during cycling.

Table 5. Summary of the solid state (gaseous phase) hydrogen storage properties
of the Mg-containing AB2 alloys. SF: slope factor.

Alloy Mg0 Mg1 Mg2 Mg3 Mg4 Mg5

Maximum capacity @ 30 ˝C (wt%) 1.45 1.42 1.54 1.41 1.25 0.89
Reversible capacity @ 30 ˝C (wt%) 1.32 1.32 1.33 1.30 1.16 0.87

Desorption pressure @ 0.75 wt%, 30 ˝C (MPa) 0.078 0.096 0.026 0.102 0.246 1.203
SF @ 30 ˝C 0.60 0.54 0.55 0.51 0.38 0.18

PCT hysteresis @ 0.75 wt%, 30 ˝C 0.04 0.05 0.10 0.01 0.06 0.02
´∆Hh (kJ¨ mol´1) 32.0 32.2 36.2 35.2 31.2 -

´∆Sh (J¨ mol´1¨ K´1) 104 106 108 116 110 -

The desorption equilibrium pressures at the midpoint capacity measured at 30,
60, and 90 ˝C (P) were used to estimate the changes in enthalpy (∆Hh) and entropy
(∆Sh) using the equation:

∆G = ∆Hh´T∆Sh = RTln P (1)

where R is the ideal gas constant and T is the absolute temperature. Since the
hydrogenation reaction is exothermic, the heat of hydride formation (∆Hh) is
negative. Both ∆Hh and ∆Sh decrease (become more negative) and then increase with
the increase in alloy number. The evolution in ´∆Hh value correlates to hydrogen
storage capacity and is agrees with the strength of hydrogen-metal bond assumption
described earlier. ∆Sh is an indicator for showing the DOD in hydride from a
completely ordered solid (e.g., solid hydrogen). The difference between ∆Sh and
´130.7 J¨mol´1¨K´1 (the S for H2 (g) at 300 K and 0.1 MPa [77]) can be interpreted
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as the DOD for hydrogen in the hydride form (β-phase). In this study, the trend of
|∆Sh| increases, and then decreases with the increase in the alloy number, which is
similar to that of SF (the indicator for the DOD in the host metal alloy). The same
correlation between the DOD of the hydride and the DOD of the occupied hydrogen
was previously reported [19].
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curves, respectively.
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3.4. Electrochemical Analysis

Discharge capacities measured at a discharge current of 4 mA¨g´1 for the first
13 cycles for each alloy in this study are plotted in Figure 4a to show the activation
behavior at full capacity. The activation of the Mg-containing alloys appeared to
be slightly easier than the Mg-free Mg0 alloy. The results of discharge capacities
with other electrochemical tests are listed in Table 6. For Mg-containing alloys, both
discharge capacities measured at 4 mA¨g´1 and 50 mA¨g´1 rates increase and
then decrease with the corresponding increase in the alloy number. The maximum
capacities obtained are from alloy Mg2, which demonstrated the lowest e/a value
and B/A ratio. Mg2 also has the highest hydrogen storage capacity among the alloys
in this study. The HRD values, defined as the ratio of the tenth cycle capacities
measured at 50 mA¨ g´1 and 4 mA¨ g´1 rates, are listed in Table 6 and demonstrated
an increasing trend correlating to alloy number. The HRD obtained from the first
13 cycles are plotted in Figure 4b, which exhibited easier activation in HRD with
higher alloy numbers. From Table 6, the addition of Mg is shown to be effective
in improving both activation and HRD. The improvement in HRD with Mg was
further investigated by electrochemically measuring the bulk diffusion constant (D)
and surface exchange current (Io). Method details of these two parameters were
previously reported [25] and the results are listed in Table 6. In general, as the alloy
number increases, D first decreases and then increases while Io shows the opposite
trend. The increase in HRD with alloy number is related to both the bulk and surface
properties of the alloys. The addition of Mg decreases the D value (bulk), except for
alloys with very high Ni content (Mg4 and Mg5), and increases the Io value (surface)
of the alloys. The contribution of Mg to faster activation is similar to that with La
in AB2 MH alloys [78–81], where the new Mg-containing phase may absorb a larger
amount of hydrogen, causing surface cracking and an increase in the surface area.

Table 6. Summary of the room temperature (RT) electrochemical and magnetic
results (capacity, rate, D, Io, and Ms, H1/2,) of the Mg-containing AB2 alloys.

Alloy Mg0 Mg1 Mg2 Mg3 Mg4 Mg5

10th cycle capacity @ 50 mA¨ g´1 (mAh¨ g´1) 346 327 360 339 311 221
10th cycle capacity @ 4 mA¨ g´1 (mAh¨ g´1) 366 362 377 351 320 225

HRD @ 10th cycle 0.94 0.96 0.96 0.97 0.97 0.98
Number of activation cycles to reach 90% HRD 8 3 4 4 3 2

Diffusion coefficient D (10´10 cm2¨ s´1) 2.5 1.3 1.2 1.8 2.8 2.9
Exchange current Io (mA¨ g´1) 22.5 31.6 35.8 34.7 27.4 25.9

Ms (emu¨ g´1) 0.0372 0.0388 0.0148 0.0598 0.0730 0.0563
H1/2 (kOe) 0.111 0.261 0.260 0.290 0.140 0.118
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ΔG = ΔHh − TΔSh = RTln P (1) 
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Low-temperature performance is a very important parameter in propulsion
applications, especially in start-stop type micro-hybrid vehicles. The conventional
AB5 MH alloy performed poorly below ´25 ˝C, but the Co-doped A2B7 superlattice
MH alloy can result in significant improvements [82]. Additions of La, Nd, and Si in
AB2 MH alloys can lower the surface charge-transfer resistance (R) at ´40 ˝C to a
comparable level with AB5 MH alloys [23,25,27]. In order to study the effect of Mg
addition to the low-temperature performance of AB2 MH alloys, AC impedance at
´40 ˝C was measured, and R and the double-layer capacitance (C, closely related to
the surface reaction area) were calculated from the obtained Cole-Cole plot. R and
C values for alloys in this study are listed in Table 7. The addition of Mg into AB2

MH alloys increases the R value and decreases C. Therefore, different from rare earth
elements and Si, the addition of alkaline earth elements in AB2 MH alloys should not
be considered when improvement in the low-temperature performance is needed.

Table 7. Summary of the electrochemical results from AC impedance measurement
(R: charge transfer resistance, C: double-layer capacitance at ´40 ˝C and RT) of the
Mg-containing AB2 alloys.

Alloy R @ ´40 ˝C
(Ω¨ g)

C @ ´40 ˝C
(Farad¨ g´1)

R @ RT
(Ω¨ g)

C @ RT
(Farad¨ g´1)

Mg0 29 0.24 0.32 0.34
Mg1 38 0.23 0.52 0.45
Mg2 130 0.22 0.56 0.39
Mg3 118 0.21 0.70 0.38
Mg4 90 0.21 0.92 0.30
Mg5 148 0.15 1.44 0.23

224



3.5. Magnetic Properties

Magnetic susceptibility was used to characterize the nature of the metallic nickel
particles present in the surface layer of the alloy following an alkaline activation
treatment [10]. Details on the background and experimental methods were reported
earlier [83]. Metallic Ni is an active catalyst for the water splitting and recombination
reactions that contributes to the Io in this electrochemical system. This technique
allows us to obtain the saturated magnetic susceptibility (Ms), a quantification
of the amount of surface metallic Ni (the product of preferential oxidation), and
the magnetic field strength at one-half of the Ms value (H1/2), a measurement of
the averaged reciprocal number of Ni atoms in a metallic cluster (Figure 5a). The
magnetic susceptibility graphs for alloys in this study are shown in Figure 5b and
the calculated Ms and H1/2 values are listed in Table 6. The Ms decreases and then
increases with the increase in the alloy number, which is the opposite trend to the
data observed for Io. The increase in Io for Mg2 is not from the metallic nickel
particles embedded in the surface oxide and may be due to the high content of TiNi
phase, which was reported as a catalytic phase for electrochemical reaction [84,85].
The H1/2 values listed in Table 6 indicate that the size of metallic nickel decreases and
then increases as the alloy number increases. In general, the Mg-containing alloys
have smaller metallic nickel clusters in the surface than the Mg-free Mg0.Batteries 2016, 2, 11 10 of 16 
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capacity with an increase in the Ni content. The Ti content is more closely related to the C14 phase 
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Figure 5. (a) Representative magnetic susceptibility measurement results showing
the saturated magnetic susceptibility (Ms) with paramagnetic component removed
and H1/2 defined as the magnitude of applied field corresponding to half of
maximum magnetic susceptibility (1/2 Ms); (b) the magnetic susceptibility of
the alloys in this study.

3.6. Correlations

Due to the limited solubility of Mg in AB2 MH alloys, the ICP results
have some deviations from the original design of Zr21.5Ti21´0.6xV10Cr7.5Mn8.1
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Co8Ni32.2´0.4xMgxSn0.3Al0.4, where x = 0, 1, 2, 3, 4, and 5, especially in Mg and
Ni contents. As the alloy number increases, Mg content remains at approximately
the same level, Ni content remain unchanged and then increases for the last two
alloys, Mg4 and Mg5, while the Ti content decreases monotonically. In order to study
the influences of different compositions with regard to various alloy properties, the
correlation factor (R2) was calculated between composition (Ni content, Ti content,
e/a, and B/A) and properties. The comparison results are listed in Table 8. The
findings of the correlation can thus be summarized as demonstrating that Ni content
has more influences on the B/A ratio, C14 unit cell volume, hydrogen storage
properties, low-rate electrochemical capacity, bulk diffusion, and size of metallic Ni
embedded in the surface oxide layer when compared to Ti content.

Table 8. Correlation factors (R2) between the composition and hydrogen
storage properties.

Property Ni
Content

Ti
Content

C14
Abundance

TiNi
Abundance B/A e/a

B/A 0.92 0.79 0.94 0.72 1.00 0.96
C14 unit cell volume 0.51 0.19 0.40 0.91 0.63 0.57
C14 crystallite size 0.17 0.61 0.42 0.00 0.20 0.16

C14 abundance 0.88 0.95 1.00 0.49 0.94 0.90
Maximum capacity 0.94 0.76 0.88 0.71 0.93 0.94
Reversible capacity 0.95 0.80 0.87 0.62 0.87 0.92

Plateau pressure 0.84 0.68 0.75 0.57 0.76 0.80
Low rate capacity 0.93 0.79 0.88 0.64 0.90 0.91

HRD 0.45 0.85 0.76 0.08 0.55 0.46
D 0.61 0.31 0.43 0.80 0.59 0.66
Io 0.25 0.01 0.05 0.70 0.19 0.26

R @ ´40 ˝C 0.21 0.57 0.37 0.00 0.16 0.18
C @ ´40 ˝C 0.76 0.86 0.84 0.33 0.72 0.72

Ms 0.34 0.36 0.49 0.41 0.56 0.43
H1/2 0.44 0.09 0.15 0.69 0.30 0.43

The hydrogen capacities obtained from PCT (converted into electrochemical
capacity by 1 wt% = 268 mAh¨g´1) and half-cell tests are plotted against Ni content
in Figure 6a, showing a decrease in capacity with an increase in the Ni content.
The Ti content is more closely related to the C14 phase crystallite size, C14 phase
abundance, HRD, and R and C measured at ´40 ˝C. The last three characteristics
are plotted against Ti content in Figure 6b, showing that as Ti content increases, the
R at ´40 ˝C decreases and C at ´40 ˝C increases. However, the RT HRD decreases.
The decrease in R is consistent with the increase in C (reaction surface area), but
should decrease the RT HRD. The RT R and C follow the trend of ´40 ˝C R and C
(Table 7) and, therefore, the discrepancy is not due to different temperatures and
requires further investigation. Both C14 and TiNi phase abundances are correlated
to various properties. The results show that the C14 main phase abundance is more
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influential in hydrogen storage capacities both in solid state and electrochemistry,
while the TiNi minor phase abundance has high impacts on D, Io, H1/2, and C14 cell
volume. The correlation of TiNi phase abundance to D and Io are plotted in Figure 6c.
High amount in TiNi phase increases the surface reactivity (Io) but hinders the bulk
diffusion of hydrogen (D). While the connections between TiNi phase abundance
and H1/2 may be true and require future validation, the connection with the C14
cell volume is most likely a coincidence. Both B/A ratio and e/a value are not as
influential as other factors in this comparison.
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4. Conclusions

The influence of Mg addition (approximately 0.7 at%) to the structural,
solid state, and electrochemical properties of a series of Laves phase based AB2

MH alloys with different Ti and Ni contents were investigated. In general,
addition of Mg does not lower the surface charge-transfer resistance, unlike other
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non-transitional metals, such as Si, Y, La, and Nd. Interestingly, one of the alloys,
Mg2 (Zr22.5Ti10.9V9.9Cr7.5Mn8.2Co8.0Ni31.8Mg0.8Sn0.3Al0.4) with a phase distribution
of 88.3% C14, 7.9% C15, 3.5% TiNi, and 0.3% of a Mg-rich cubic phase, shows
improved hydrogen capacities in both solid state and electrochemistry and a higher
surface exchange current, but a lower bulk diffusion coefficient.

Acknowledgments: The authors would like to thank the following individuals from
BASF-Ovonic for their help: Benjamin Reichman, Benjamin Chao, Baoquan Huang,
Diana F. Wong, David Pawlik, Allen Chan, Ryan J. Blankenship, and Su Cronogue.

Author Contributions: Shiuan Chang designed and conducted XRD, PCT, electrochemical,
and MS experiments. Taiehi Ouchi prepared the sample. Kwo-hsiung Young, Tiejun Meng,
and Xin Wu analyzed the data and participated in the paper preparation.

Conflicts of Interest: The authors declare no conflict of interest.

Abbreviations

MH Metal hydride
ICP-OES Inductively coupled plasma-optical emission spectrometer
XRD X-ray diffractometer
SEM Scanning electron microscope
EDS Energy dispersive spectroscopy
PCT Pressure-concentration-temperature
e/a Average electron density
ND Non-detectable
BEI Back-scattering electron image
DOD Degree of disorder
D Diffusion constant
Io Surface exchange current
Ms Saturated magnetic susceptibility
H1/2 Magnetic field strength at one-half of the Ms value
RT Room temperature
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The Importance of Rare-Earth Additions in
Zr-Based AB2 Metal Hydride Alloys
Kwo-Hsiung Young, Taihei Ouchi, Jean Nei and Dhanashree Moghe

Abstract: Effects of substitutions of rare earth (RE) elements (Y, La, Ce, and Nd) to
the Zr-based AB2 multi-phase metal hydride (MH) alloys on the structure, gaseous
phase hydrogen storage (H-storage), and electrochemical properties were studied
and compared. Solubilities of the RE atoms in the main Laves phases (C14 and
C15) are very low, and therefore the main contributions of the RE additives are
through the formation of the RENi phase and change in TiNi phase abundance. Both
the RENi and TiNi phases are found to facilitate the bulk diffusion of hydrogen
but impede the surface reaction. The former is very effective in improving the
activation behaviors. ´40 ˝C performances of the Ce-doped alloys are slightly better
than the Nd-doped alloys but not as good as those of the La-doped alloys, which
gained the improvement through a different mechanism. While the improvement
in ultra-low-temperature performance of the Ce-containing alloys can be associated
with a larger amount of metallic Ni-clusters embedded in the surface oxide, the
improvement in the La-containing alloys originates from the clean alloy/oxide
interface as shown in an earlier transmission electron microscopy study. Overall,
the substitution of 1 at% Ce to partially replace Zr gives the best electrochemical
performances (capacity, rate, and activation) and is recommended for all the AB2

MH alloys for electrochemical applications.

Reprinted from Batteries. Cite as: Young, K.-H.; Ouchi, T.; Nei, J.; Moghe, D.
The Importance of Rare-Earth Additions in Zr-Based AB2 Metal Hydride Alloys.
Batteries 2016, 2, 25.

1. Introduction

Nickel/metal hydride (Ni/MH) rechargeable batteries have been extensively
used to replace Ni/Cd rechargeable and alkaline primary batteries in the consumer
electronics market. In addition, Ni/MH batteries also dominate the hybrid electric
vehicle market [1] and are found in stationary applications [2,3]. Although the
volumetric energy density of Ni/MH battery is good, its gravimetric energy
density is only one third of that of its Li-ion rival. Therefore, Laves phase AB2

metal hydride (MH) alloys have been proposed to replace the currently used rare
earth (RE) element-based AB5 MH alloys to achieve an increase in capacity of the
negative electrode [4,5]. Besides its relatively high capacity (420 mAh¨ g´1 [6] versus
330 mAh¨ g´1 of AB5), alloy design for AB2 also has a higher flexibility in constituent
elements and phases, making it more adaptable to various requirements, including
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low cost, ultra-low-temperature operation [7,8], and high-temperature storage [9].
RE elements, such as Y, La, Ce, Pr, and Nd, were added in the AB2 MH alloys in the
early days to improve activation behavior of the negative electrode [10–15]. Recently,
we reported our works of adding Y [7,8,16], La [17], and Nd [18] in the AB2 MH alloys
and observed a substantial improvement in ´40 ˝C electrochemical performance.
In this paper, results from the partial substitution of Zr by Ce in the AB2 MH alloys
are presented in detail and are compared to those obtained from the AB2 MH alloys
substituted with Y, La, and Nd.

2. Experimental Setup

Ingot samples were prepared by arc melting under a 0.08 MPa Ar protection
atmosphere. Samples were flipped five times during the melting–cooling procedure to
ensure homogeneity, and they then underwent a hydriding/dehydriding process,
which introduced volume expansion/contraction and consequently damages to
the crystal structure, leading to an increase in brittleness of the samples before
they were crushed and grounded into ´200 mesh powder. We used a Varian
Liberty 100 inductively coupled plasma-optical emission spectrometer (ICP-OES,
Agilent Technologies, Santa Clara, CA, USA) to study the chemical composition,
a Philips X’Pert Pro X-ray diffractometer (XRD, Amsterdam, The Netherlands)
to perform phase analysis, a JEOL-JSM6320F scanning electron microscope
(SEM, Tokyo, Japan) with energy dispersive spectroscopy (EDS) to investigate
the phase distribution and composition, and a Suzuki-Shokan multi-channel
pressure–concentration–temperature (PCT, Tokyo, Japan) system to measure the
gaseous phase hydrogen storage (H-storage) characteristics. PCT measurements at 30,
60, and 90 ˝C were performed after activation, which was a 2 h thermal cycle between
room temperature and 300 ˝C under 2.5 MPa H2 pressure. Details of the electrode
and cell preparations, as well as the electrochemical measurement methods, are as
previously reported [19,20]. We used a Solartron 1250 Frequency Response Analyzer
(Solartron Analytical, Leicester, UK) with a sine wave amplitude of 10 mV and
a frequency range of 0.5 mHz–10 kHz to conduct the AC impedance measurements
and a Digital Measurement Systems Model 880 vibrating sample magnetometer
(MicroSense, Lowell, MA, USA) to measure the magnetic susceptibility (M.S.) of the
activated alloy surfaces (4 h in 100 ˝C 30 wt% KOH solution).

3. Property Comparison of Elements and Intermetallic Compounds of Y,
La, Ce, Pr, and Nd

Several important properties of Y, La, Ce, Pr, and Nd elements and their
intermetallic compounds (RENi and RENi5) with Ni are listed in Table 1. The
name “rare earth” originated from the difficult nature in separating one element
from another in the ore deposits but not the scarcity. Indeed, Ce is as abundant as Cu
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in the earth’s crust [21]. Compared to the other RE elements, Ce has an additional
common 4+ oxidation state [22], which is a perfect example of Hund’s rule that states
the empty, half-filled, and completely filled electronic levels tend to be at more stable
states [23]. Therefore, Ce is different from others with regards to several properties,
such as the RE melting point (M.P.), hydroxide and RENi5 heats of formation, RENi5
unit cell volume, and RENi5 plateau pressure. Furthermore, in MH alloy formula
design of the misch metal-based AB5/A2B4 stacking superlattice MH alloys, Ce is not
incorporated [24] due to its small radius, which cannot maintain the lattice constant
in the AB5 slab and promotes the formation of the AB2 phase [25].

Comparing the stabilities of RE(OH)3 compounds, represented by their heats
of formation (Table 1), reveals that Ce(OH)3 and Y(OH)3 are less stable than the
other hydroxides. Also, the ease of oxidation can be judged based on the oxidation
potentials of the RE elements (Table 1) and is in the order of Y « La > Pr > Ce > Nd.
Solubility of RE(OH)3 can be represented by the constant A in Equation (1):

2RE3+ ` 3H2O Ô RE2O3 ` 6H+, log pRE3+q “ A´ 3pH (1)

and is in the order of La > Pr > Ce > Nd > Y. Moreover, SEM pictures of the A2B7 and
AB5 alloys with La or Nd show the difference in surface morphology: small needles
of La(OH)3 covering the entire surface versus large rods of Nd(OH)3 covering any
surface with open space [26].

Judging from the comparison of heats of formation for La3Ni (´13), LaNi
(´24.8), LaNi2 (´20), LaNi3 (´21), La2Ni7 (´24), and LaNi5 (´21 kJ¨mol´1) [41,42],
the RE-Ni intermetallic compounds are relatively easy to form. In addition,
theoretical calculation results of the heats of formation for both the Ce-Ni [39]
and Nd-Ni [46] intermetallic compounds show a minimum at 1:1 stoichiometry
(RENi). RENi is commonly found in the RE-doped Laves phase AB2 MH alloys as
a segregated phase [7,8,12,16–18] since the larger radius of the RE atom does not
fit into the atomic radius ratio range for the Laves phases (atomic radius ratio of
the A to B atoms between 1.05 and 1.68) [47]. Crystal structure of YNi (FeB-type)
is slightly different from the other RENi intermetallic compounds (CrB-type) [48].
While both types are composed of trigonal prisms with the RE atoms occupying the
eight corners and Ni forming a zigzag chain, the placement of these prisms is in
either the CrB or FeB structure (Figure 1). Previously, some RENi alloys have been
studied as H-storage alloys (YNiH3 and YNiH4 [49], LaNiH3 [50,51], CeNiH2.9 [52],
CeNiH4 [53], and PrNiH4.3 [53]).
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Table 1. Properties of the rare earth (RE = Y, La, Ce, Pr, and Nd) elements, RENi
and RENi5 intermetallic compounds. Data are from [27] unless otherwise cited.
HCP and DHCP denote hexagonal close packed, and double-c hexagonal close
packed, respectively.

Properties of RE, RENi, and RENi5 Y La Ce Pr Nd

Atomic number 39 57 58 59 60

Content in earth crust (ppm) [28] 33 39 66.5 9.2 41.5

Outer shell electron configuration 5s24d1 6s25d1 6s25d14f1 6s25d14f2 6s25d14f3

Electronegativity 1.22 1.10 1.12 1.13 1.14

Ionic radius (Å) 1.04 (Y3+) 1.17 (La3+) 1.15 (Ce3+);
1.01 (Ce4+) 1.13 (Pr3+) 1.12 (Nd3+)

Atomic radius in Laves phase alloy (Å) [29] 1.990 3.335 2.017 2.013 2.013

Crystal structure at 25˝C HCP DHCP DHCP DHCP DHCP

Melting point (˝C) 1522 918 798 931 1021

Temperature when vapor pressure reaches 0.001 Pa (˝C) 1220 1301 1290 1083 995

Oxidation potential (V) ´2.37 ´2.37 ´2.335 ´2.353 ´2.246

Heat of hydride formation (kJ¨ mol´1) [30] ´114 ´97 ´103 ´104 ´106

Heat of formation of RE(OH)3 (kJ¨ mol´1) ´937.6 [31] ´1415.5 [32] ´1014.5 [33] ´1419 [34] ´1403.6 [35]

Solubility represented by the value of A in Equation (1) [36] 19.86 23.02 22.15 22.50 21.25

Crystal structure of RENi FeB-(Pnma) CrB-(Cmcm) CrB-(Cmcm) CrB-(Cmcm) CrB-(Cmcm)

Unit cell volume of RENi (Å3) [37] 162.6 183.9 174.6 174.5 172.6

Melting point of RENi (˝C) 1070 [38] 715 [38] 680 [39] 730 [38] 780 [38]

Heat of formation of RENi (kJ¨ mol´1) ´37 [40] ´24.8 [41] ´30.3 [41] ´28.1 [41] ´25.0 [41]

Crystal structure of RENi5 [34] CaCu5 CaCu5 CaCu5 CaCu5 CaCu5

Unit cell volume of RENi5 (Å3) [34] 81.7 86.8 82.8 84.8 84.3

Heat of formation of RENi5 (kJ¨ mol´1) ´204.6 [42] ´158.9 [42] ´199 [36] ´160.6 [36] ´151.2 [43]

Plateau pressure at 20 ˝C of RENi5 (MPa) 30 [44] 0.15 [44] 4.8 [45] 1.2 [44] 0.62 [44]

Heat of formation of RENi5H6 (kJ¨ mol´1) - ´30.1 [44] ´14.2 [45] ´30.5 [45] ´29.4 [45]
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Figure 1. (a) CrB- and (b) FeB-type structures. Green and black circles represent
the RE and Ni atoms, respectively. Both structures are composed of trigonal prisms
containing four RE and four Ni atoms. While the RE atoms form a HCP stacking, the
Ni atoms form a zigzag chain in both cases. Reprinted from [48].
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4. Results and Discussion

Results from the Y- [7], La- [17], and Nd- [18] substitutions have been previously
published. In this paper, new data from the Ce-substitution are organized and
presented. Five alloys with different Ce-contents were made by arc melting.
Their design compositions are listed in Table 2. The base Ce-free alloy, Ce0
(Ti12Zr22.8V10Cr7.5Mn8.1Co7.0Ni32.2Co0.4), is the same base alloy used in the La- [17]
and Nd- [18] substitution studies and a high-rate derivative of the base alloy in the
Y-substitution study, Y0 (Ti12Zr21.5V10Cr7.5Mn8.1Co8.0Ni32.2Sn0.3Co0.4) [7]. Compared
to alloy Y0, alloy Ce0 contains 1.3 at% higher Zn-content, 1.0 at% lower Co-content,
and no Sn. ICP results of the current batch of alloys (alloys Ce0 to Ce5) are also
listed in Table 2 for comparison. Most samples show very close compositions to the
design values with the exception of a slight deficiency in Cr observed in alloy Ce2.
Inconsistent uniformity of Cr in the AB2 MH alloy has been seen previously [17].
Comparing among Zr, V, and Cr, which are the higher-content elements with the
highest melting points, Cr has the highest eutectic temperature with Ni (1345 ˝C,
960 ˝C for Zr-Ni, and 1202 ˝C for V-Ni) [38]. Therefore, Cr’s distribution may not be
as consistently uniform compared to the other constituent elements among alloys.
In combination with the small sample size for ICP, the sampling from alloy Ce2 may
exclude a Cr-rich region that is not dissolved in the main phases and results in the
observed lower Cr-content compared to the design composition. Average electron
densities (e/a) of these alloys are just slightly under the C14/C15 threshold (6.83) [54],
so a C14-predominating microstructure is predicted. The B/A ratios are slightly
over the design value (1.87) due to the loss of Zr during slag formation. The slight
hypo-stoichiometry design is used to balance between the degree of disorder (DOD,
from the secondary phase abundances) and electrochemical properties [55].
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Table 2. Design compositions (in bold) and inductively coupled plasma (ICP)
results in at%. e/a is the average electron density, and B/A is the ratio of the
B-atom-content (V, Cr, Mn, Co, Ni, and Al) to the A-atom-content (Ti, Zr, and Ce).

Alloy Source Ti Zr V Cr Mn Co Ni Ce Al e/a B/A

Ce0
Design 12.0 22.8 10.0 7.5 8.1 7.0 32.2 0.0 0.4 6.771 1.87

ICP 11.9 22.9 10.0 7.5 8.0 7.1 32.2 0.0 0.4 6.773 1.87

Ce1
Design 12.0 21.8 10.0 7.5 8.1 7.0 32.2 1.0 0.4 6.771 1.87

ICP 11.9 21.3 10.3 7.7 8.0 7.0 32.3 1.0 0.5 6.780 1.92

Ce2
Design 12.0 20.8 10.0 7.5 8.1 7.0 32.2 2.0 0.4 6.771 1.87

ICP 12.0 20.6 10.3 6.8 8.2 7.1 32.6 2.0 0.4 6.792 1.89

Ce3
Design 12.0 19.8 10.0 7.5 8.1 7.0 32.2 3.0 0.4 6.771 1.87

ICP 12.0 19.4 10.2 7.5 7.8 7.1 32.6 3.0 0.4 6.793 1.91

Ce4
Design 12.0 18.8 10.0 7.5 8.1 7.0 32.2 4.0 0.4 6.771 1.87

ICP 11.9 18.4 10.2 7.6 8.0 7.0 32.5 3.9 0.5 6.789 1.92

Ce5
Design 12.0 17.8 10.0 7.5 8.1 7.0 32.2 5.0 0.4 6.771 1.87

ICP 12.1 17.6 10.3 7.6 7.2 7.1 32.8 4.9 0.4 6.790 1.89

4.1. X-Ray Diffraction Analysis

XRD analysis was used to study the microstructures of the alloys. The obtained
XRD patterns are shown in Figure 2 with four phases identified: C14, C15, CeNi, and
TiNi. Full XRD pattern fitting was performed using the Rietveld refinement and Jade
9 Software to obtain the lattice parameters and crystallite size of the main C14 phase
and the abundances of all four phases, and the results are summarized in Table 3.
With the increase in Ce-content (and the corresponding decrease in Zr-content) in
the alloy, both lattice constants a and c in the C14 phase decrease, and the a/c ratio
increases slightly (Figure 3). Lattice constant a of the C15 phase follows the same
trend as the one in the C14 phase, and both decreasing trends are caused by the
reduction in Zr-content (second largest among all constituent elements) and zero or
close to zero solubility of Ce (largest among all constituent elements) in the C14 and
C15 phases as the Ce-content in the alloy design increases. Un-shifted positions of
the major peaks for the TiNi and CeNi phases, shown in Figure 2, indicate that the
unit cell sizes of these two phases stay the same as the Ce-content increases in the
alloy design, which can be explained by the relatively unchanged TiNi and CeNi
phase compositions as revealed by the EDS analysis (Section 4.2). Crystallite size of
the main C14 phase first increases with the initial introduction of Ce in the alloy but
then decreases with further increases in Ce-content, and this trend is very similar
to that observed in the La-substitution study [17]. One possible explanation for the
C14 crystallize size evolution is by the phase abundance of the non-Laves secondary
phase. The higher abundance of non-Laves phase reduces the crystallization time of
the matrix phase and consequently reduces the crystallite size of the matrix phase.
In the beginning, when the CeNi phase abundance is small, the C14 crystallite size
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increases due to the decrease in the TiNi abundance. After more Ce is added, the CeNi
phase abundance started to increase and caused a decrease in the C14 crystallite size.
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increasing RE-content in the alloy design are plotted in Figure 4 and demonstrate that larger amounts 
of Ce (>1 at%) is very effective in suppressing the TiNi phase (beneficial to low-temperature 
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Figure 2. X-ray diffraction (XRD) patterns from alloys: (a) Ce0; (b) Ce1; (c) Ce2;
(d) Ce3; (e) Ce4; and (f) Ce5. Vertical lines show the shift exists for the C14 peak
but not for the CeNi or TiNi phases.

Table 3. Lattice constants a and c, a/c ratio, unit cell volume (VC14), full-width at
half-maximum (FWHM) for the (103) peak, and crystallite size for the C14 phase,
lattice constant a for the C15 phase, and phase abundances in wt% calculated from
the XRD analysis.

Structural Properties Ce0 Ce1 Ce2 Ce3 Ce4 Ce5

a, C14 (Å) 4.9739 4.9703 4.9678 4.9616 4.9566 4.9542
c, C14 (Å) 8.1134 8.1067 8.1018 8.0905 8.0824 8.0763

a/c, C14 (Å) 0.61305 0.61311 0.61317 0.61326 0.61326 0.61342
VC14 (Å3) 173.83 173.44 173.16 172.48 171.96 171.67

FWHM C14 (103) 0.237 0.216 0.217 0.23 0.245 0.255
C14 crystallite size (Å) 482 554 551 503 458 434

a, C15 (Å) 7.0121 7.003 6.9973 6.9886 6.989 6.9831
C14 abundance (%) 85.4 79.9 78.8 79.9 73.2 78.1
C15 abundance (%) 11.2 16.9 17.5 16 20.9 13.2
TiNi abundance (%) 3.4 2.9 0.0 0.0 0.8 1.2
CeNi abundance (%) 0.0 0.3 3.7 4.1 5.1 7.5

Evolutions of the TiNi and RENi (where RE = Y, La, Ce, and Nd) phase
abundances with increasing RE-content in the alloy design are plotted in Figure 4
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and demonstrate that larger amounts of Ce (>1 at%) is very effective in suppressing
the TiNi phase (beneficial to low-temperature performance [7,8]) and promoting the
RENi phase (detrimental to low-temperature performance in the case of YNi [7,8]).
Furthermore, the RENi phase abundances in various RE-substituted alloys do not
correlate very well with the heats of formation or melting temperatures of the
corresponding RENi phases.Batteries 2016, 2, 25 6 of 19 
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two regions with very close contrasts. The slightly brighter region (Figure 5a-3,b-3,c-3,d-3,e-3) has a 
smaller B/A ratio and an e/a value higher than the C14/C15 threshold of 6.83 [54], and it was 
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4.2. Scanning Electron Microscope/Energy Dispersive Spectroscopy Analysis

Both SEM secondary electron images (SEI) and back-scattering electron images
(BEI) were taken from each alloy in this study. While the former carry surface
topological information, the latter demonstrate both topological and compositional
information and are shown in Figure 5 for comparison. Compositions of several
representative areas (identified by Roman numerals) in Figure 5 were studied by EDS,
and the results are summarized in Table 4. The brightest region in each micrograph
belongs to Ce metal (Figure 5a-1 in alloy Ce1) or CeNi (Figure 5b-1,c-1,d-1,e-1
in Alloys Ce2–Ce5, respectively). These observations are in agreement with the
close-to-zero CeNi-content in alloy Ce1 revealed by the XRD analysis. Areas with
the second brightest contrast (Figure 5a-2,b-2,c-2,d-2,e-2) are identified as a Zr-rich
phase with a B/A ratio very close to the theoretical stoichiometry of Zr7Ni10 (1.43) by
taking into consideration that V resides in the A-site of the crystal [18]. Solubilities
of V, Co, Mn, and Cr in the Zr7Ni10 phase are much lower than those in the Laves
phases. Moreover, the B/A ratio of the TiNi phase (Figure 5a-5,b-5,c-5,d-5,e-5) is
always greater than 1 even with the assignment of V in the A-site [16–18]. The
Ti-Ni binary phase diagram shows a solubility range of TiNi on the Ni-rich side
at higher temperatures [38]. Therefore, a higher B/A ratio for the TiNi phase is
expected due to the quick cooling nature of arc melting technique. The main phase
is composed of two regions with very close contrasts. The slightly brighter region
(Figure 5a-3,b-3,c-3,d-3,e-3) has a smaller B/A ratio and an e/a value higher than
the C14/C15 threshold of 6.83 [54], and it was consequently assigned to the C15
phase. The other phase (Figure 5a-4,b-4,c-4,d-4,e-4) with an e/a value lower than the
C14/C15 threshold was assigned to the C14 phase. Since the solubility of Ce, same as
those of the other RE elements, in the AB2 phase is almost zero, the lattice constants
of the C14 and C15 phases do not increase with increasing overall Ce-content; on the
contrary, they decrease due to the decrease in Zr/Ti ratio (Zr is larger than Ti) in both
the C14 and C15 phases as seen in Table 4. Upon a closer examination of the C14
and C15 phase compositions, we found that the main differences occur in the V- and
Ni-contents. More specifically, the Ni/V ratio in the C14 phase is lower compared to
that in the C15 phase (a lower Ni-content and a higher V-content in the C14 phase
compared to those in the C15 phase), which results in a lower e/a in the C14 phase.
In addition, the C14 phase is predicted to have a larger H-storage capacity due to its
higher V-content but also exhibit a lower electrochemical high-rate dischargeability
(HRD) due to its lower Ni-content according to our previous findings from a phase
contribution study on the AB2 MH alloys [56]. Finally, phase distribution analysis
reveals the following solidification sequence: AB2 phase first (M.P. « 1450 ˝C),
followed by TiNi (1310 ˝C), Zr7Ni10 (1158 ˝C), and finally CeNi (680 ˝C) as the last
solid formed from the liquid.
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C14 phase is predicted to have a larger H-storage capacity due to its higher V-content but also exhibit 
a lower electrochemical high-rate dischargeability (HRD) due to its lower Ni-content according to 
our previous findings from a phase contribution study on the AB2 MH alloys [56]. Finally, phase 
distribution analysis reveals the following solidification sequence: AB2 phase first (M.P. ≈ 1450 °C), 
followed by TiNi (1310 °C), Zr7Ni10 (1158 °C), and finally CeNi (680 °C) as the last solid formed from 
the liquid. 

(a) (b) 

(c) (d) 

(e) 

Figure 5. Scanning electron microscope (SEM)-back-scattering electron images (BEI) micrographs 
from alloys: (a) Ce1; (b) Ce2; (c) Ce3; (d) Ce4; and (e) Ce5. The bar at the lower right corner represents 
a scale of 25 μm. 

Figure 5. Scanning electron microscope (SEM)-back-scattering electron images (BEI)
micrographs from alloys: (a) Ce1; (b) Ce2; (c) Ce3; (d) Ce4; and (e) Ce5. The bar at
the lower right corner represents a scale of 25 µm.
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Table 4. Summary of the energy dispersive spectroscopy (EDS) results from several
selective spots in the SEM-BEI micrographs shown in Figure 5. All compositions
are in at%. The main C14 phase is identified in bold.

Alloy Location Ti Zr V Ni Co Mn Cr Al Ce B/A e/a Phase

Ce1

Figure 5a-1 0.9 3.1 1.7 3.8 1.0 1.0 0.0 0.1 88.4 0.08 3.44 Ce
Figure 5a-2 13.5 26.8 0.7 54.8 1.6 1.2 0.3 0.3 0.8 1.39 7.41 Zr7Ni10
Figure 5a-3 11.9 22.8 6.9 41.7 5.5 6.3 3.9 0.6 0.4 1.85 7.10 C15
Figure 5a-4 10.6 22.3 12.4 28.4 7.7 8.9 9.3 0.5 0.0 2.04 6.67 C14
Figure 5a-5 24.7 17.2 1.9 44.2 6.0 2.9 1.1 0.5 1.6 1.20 7.06 TiNi

Ce2

Figure 5b-1 2.7 1.8 1.2 41.8 0.8 1.0 0.0 0.2 50.5 0.82 6.08 CeNi
Figure 5b-2 13.4 27.0 0.6 55.1 1.6 1.1 0.3 0.3 0.6 1.40 7.42 Zr7Ni10
Figure 5b-3 11.8 22.8 6.9 41.0 5.7 7.2 3.6 0.6 0.3 1.86 7.09 C15
Figure 5b-4 10.4 22.2 13.1 26.6 7.8 9.6 9.9 0.4 0.0 2.07 6.60 C14
Figure 5b-5 28.8 14.0 1.5 41.9 7.4 3.1 0.7 0.5 2.1 1.16 6.98 TiNi

Ce3

Figure 5c-1 0.4 0.4 0.7 49.5 0.3 0.5 0.0 0.3 47.9 1.05 6.53 CeNi
Figure 5c-2 13.6 26.0 0.5 55.8 1.4 1.0 0.2 0.3 1.1 1.42 7.44 Zr7Ni10
Figure 5c-3 12.1 22.6 6.8 41.3 5.7 6.9 3.7 0.6 0.3 1.86 7.10 C15
Figure 5c-4 11.9 21.3 13.1 26.0 8.0 9.2 9.8 0.5 0.2 1.99 6.56 C14
Figure 5c-5 25.7 13.3 1.2 44.3 6.5 3.4 0.5 1.0 4.1 1.26 7.06 TiNi

Ce4

Figure 5d-1 1.1 1.3 1.0 49.0 0.7 0.9 0.0 0.0 46.0 1.07 6.55 CeNi
Figure 5d-2 13.7 24.7 0.5 55.6 1.5 1.2 0.2 0.3 2.3 1.43 7.43 Zr7Ni10
Figure 5d-3 12.3 22.4 6.6 41.2 5.6 7.1 3.8 0.6 0.4 1.85 7.10 C15
Figure 5d-4 11.7 20.5 13.7 26.5 8.2 9.2 9.8 0.4 0.1 2.10 6.61 C14
Figure 5d-5 28.3 12.4 2.4 41.8 7.3 3.7 1.5 0.7 2.0 1.22 7.02 TiNi

Ce5

Figure 5e-1 0.5 0.7 1.1 48.6 0.5 0.6 0.0 0.3 47.7 1.04 6.49 CeNi
Figure 5e-2 13.6 24.0 0.6 55.4 1.6 1.2 0.3 0.3 3.0 1.43 7.42 Zr7Ni10
Figure 5e-3 12.5 21.6 6.5 41.7 5.8 6.9 3.9 0.6 0.5 1.89 7.13 C15
Figure 5e-4 12.4 19.5 13.3 27.9 8.2 8.2 10.0 0.3 0.2 2.12 6.66 C14
Figure 5e-5 28.8 11.2 2.3 41.8 7.8 3.8 1.2 0.9 2.1 1.25 7.03 TiNi

4.3. Pressure–Concentration–Temperature Analysis

PCT isotherms were measured at 30, 60, and 90 ˝C, and results from the first
two temperatures are shown in Figure 6. These isotherms are typical examples of
multi-phase alloys with coherent synergetic effects among constituent phases [18].
Gaseous phase H-storage characteristics obtained from the PCT isotherms are
summarized in Table 5. Both the maximum and reversible H-storage capacities
first increase (maximized at alloy Ce1) and then decrease as the Ce-content in the
alloy increases. Compared to the other RE additives, as shown in Figure 7a, alloy
Ce1 has the second highest maximum H-storage capacity (alloy Y4 with 4 at% Y has
the highest maximum H-storage capacity capacity). It is interesting to observe that
alloys with 5 at% La, Ce, and Nd show very similar maximum H-storage capacities.
Since no obvious pressure plateau can be identified, desorption pressures at 0.75 wt%
H-storage capacity were compared and used in the calculations for hysteresis, heat
of hydride formation (∆Hh), and change in entropy (∆Sh). For the Ce-containing
alloys, both the 30 ˝C and 60 ˝C desorption pressure at 0.75 wt% H-storage first
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decrease (minimized at alloy Ce1) and then increase as the Ce-content in the alloy
increases, and this trend is opposite to the trend observed in H-storage capacity.
Desorption pressure is plotted against maximum H-storage capacity for all four
RE-substituted series of alloys in Figure 8a, and a trend emerges where alloy with
a higher metal–hydrogen (M–H) bond strength demonstrates both a lower plateau
pressure and a higher H-storage capability, which was previously proposed [19].
This trend is also related to the evolution of the main phase unit cell volume as seen
in Figure 8b, where a larger unit cell makes for a more stable hydride with a stronger
M–H bond and increases the maximum H-storage capacity.Batteries 2016, 2, 25 9 of 19 
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Figure 6. Pressure–concentration–temperature (PCT) isotherms measured at 30 °C for (a) alloys Ce0, 
Ce1, and Ce2; and (b) alloys Ce3, Ce4, and Ce5; and at 60 °C for (c) alloys Ce0, Ce1, and Ce2; and (d) 
alloys Ce3, Ce4, and Ce5. 

Table 5. Summary of gaseous phase properties, including the maximum and reversible capacities, 
desorption pressure at 0.75 wt% H-storage capacity, slope factor (SF), hysteresis, and changes in 
enthalpy and entropy. 

Gaseous Phase Properties Ce0 Ce1 Ce2 Ce3 Ce4 Ce5 
Maximum capacity @30 °C (wt%) 1.49 1.66 1.57 1.49 1.44 1.4 
Reversible capacity @30 °C (wt%) 1.22 1.42 1.34 1.35 1.29 1.22 

Desorption pressure @30 °C (MPa) 0.021 0.019 0.023 0.035 0.05 0.058 
SF @30 °C (%) 78 72 76 76 78 73 

Hysteresis @30 °C 0.21 0.05 0.13 0.08 0.08 0.02 
Maximum capacity @60 °C (wt%) 1.38 1.49 1.44 1.38 1.3 1.25 
Reversible capacity @60 °C (wt%) 1.2 1.35 1.28 1.27 1.19 1.14 

Desorption pressure @60 °C (MPa) 0.1 0.08 0.096 0.13 0.2 0.23 
SF @60 °C (%) 80 78 79 74 73 72 

Hysteresis @60 °C 0.13 0.01 0.02 0.02 0.02 0.01 
−ΔHh (kJ·mol−1) 41.6 40.2 40 39.1 38.3 38.5 
−ΔSh (J·mol−1·K) 125 119 120 120 121 122 

Figure 6. Pressure–concentration–temperature (PCT) isotherms measured at 30 ˝C
for (a) alloys Ce0, Ce1, and Ce2; and (b) alloys Ce3, Ce4, and Ce5; and at 60 ˝C for
(c) alloys Ce0, Ce1, and Ce2; and (d) alloys Ce3, Ce4, and Ce5.
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Table 5. Summary of gaseous phase properties, including the maximum and
reversible capacities, desorption pressure at 0.75 wt% H-storage capacity, slope
factor (SF), hysteresis, and changes in enthalpy and entropy.

Gaseous Phase Properties Ce0 Ce1 Ce2 Ce3 Ce4 Ce5

Maximum capacity @30 ˝C (wt%) 1.49 1.66 1.57 1.49 1.44 1.4
Reversible capacity @30 ˝C (wt%) 1.22 1.42 1.34 1.35 1.29 1.22
Desorption pressure @30 ˝C (MPa) 0.021 0.019 0.023 0.035 0.05 0.058

SF @30 ˝C (%) 78 72 76 76 78 73
Hysteresis @30 ˝C 0.21 0.05 0.13 0.08 0.08 0.02

Maximum capacity @60 ˝C (wt%) 1.38 1.49 1.44 1.38 1.3 1.25
Reversible capacity @60 ˝C (wt%) 1.2 1.35 1.28 1.27 1.19 1.14
Desorption pressure @60 ˝C (MPa) 0.1 0.08 0.096 0.13 0.2 0.23

SF @60 ˝C (%) 80 78 79 74 73 72
Hysteresis @60 ˝C 0.13 0.01 0.02 0.02 0.02 0.01
´∆Hh (kJ¨ mol´1) 41.6 40.2 40 39.1 38.3 38.5
´∆Sh (J¨ mol´1¨ K) 125 119 120 120 121 122
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[58–60] and was found to be related to both the a/c ratio and pulverization rate of the alloy [61]. PCT 
hystereses at 30 °C of the Ce-containing alloys are smaller than that of the Ce-free alloy Ce0, indicating 
that the addition of the CeNi phase can reduce the stress built from the α to β transformation; 
however, such effect was not observed with the other RE-substitutions (Figure 7b). 60 °C H-storage 
characteristics are similar to those measured at 30 °C with the only exception of SF. SF measured at 
60 °C decreases with increasing Ce-content in the alloy. One possible explanation is that the CeNi 
phase contributes more to DOD at a higher temperature with a higher participation rate (CeNi has a 
stronger M–H bond than AB2 and will not release hydrogen at room temperature [52]). 

Desorption equilibrium pressures at 0.75 wt% H-storage at 30, 60, and 90 °C were used to 
estimate ΔHh and ΔSh with the equation: 

ΔG = ΔHh − TΔSh = RTlnP (2) 

Figure 7. Evolutions of (a) maximum H-storage capacity and (b) PCT
absorption–desorption hysteresis with increasing RE-content in the design.

Slope factor (SF) is defined as the ratio of the storage capacity between 0.01 MPa
and 0.5 MPa to the total capacity in the desorption isotherm. This ratio can be used
as an indicator for DOD in a multi-phase MH alloy system [6,20,57]. A large SF
corresponds to a flatter plateau and lower DOD (fewer components or variations) in
the system. The 30 ˝C SFs of this series of alloys are similar with the exception of
alloy Ce1, which has the lowest SF and thus the highest DOD. Hysteresis of the PCT
isotherm is defined as ln(Pa/Pd), where Pa and Pd are the absorption and desorption
equilibrium pressures, respectively, at 0.75 wt% H-storage. Hysteresis is believed
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to be associated with the irreversible energy loss during plastic deformation of the
hydride phase (β) in the alloy matrix (α) [58–60] and was found to be related to both
the a/c ratio and pulverization rate of the alloy [61]. PCT hystereses at 30 ˝C of the
Ce-containing alloys are smaller than that of the Ce-free alloy Ce0, indicating that the
addition of the CeNi phase can reduce the stress built from the α to β transformation;
however, such effect was not observed with the other RE-substitutions (Figure 7b).
60 ˝C H-storage characteristics are similar to those measured at 30 ˝C with the only
exception of SF. SF measured at 60 ˝C decreases with increasing Ce-content in the
alloy. One possible explanation is that the CeNi phase contributes more to DOD at a
higher temperature with a higher participation rate (CeNi has a stronger M–H bond
than AB2 and will not release hydrogen at room temperature [52]).
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Figure 8. Correlations between the maximum H-storage and (a) equilibrium
pressure at 0.75 wt% H-storage; and (b) C14 phase unit cell volume.

Desorption equilibrium pressures at 0.75 wt% H-storage at 30, 60, and 90 ˝C
were used to estimate ∆Hh and ∆Sh with the equation:

∆G “ ∆Hh´T∆Sh “ RTlnP (2)

where R is the ideal gas constant, and T is the absolute temperature at which the
measurement was performed. ∆Hh is negative due to the exothermic nature of
the hydrogenation reaction. ∆Hh increases (becomes less negative) with increasing
Ce-content in the alloy and can be correlated to the shrinking C14 unit cell volume,
resulting in a less stable hydride (lower capacity and higher equilibrium pressure).
∆Sh is related to DOD in a hydride from a completely ordered solid (e.g., solid
hydrogen) (´130.7 J¨mol´1¨K´1 for H2 (g) at 300 K and 0.1 MPa [27]). The
Ce-containing alloys have slightly higher ∆Sh (less negative), suggesting that the
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addition of the CeNi phase increases DOD of the hydride, which is another indication
of the CeNi phase’s participation in H-storage.

4.4. Electrochemical Analysis

Activation characteristics were studied by half-cell capacity measurements in a
flooded configuration. Electrode was made from ground and sieved powder without
any annealing or surface acid/alkaline treatments. Low-rate capacities (sum of
discharge capacity of 50 mA¨ g´1 and discharge capacities from two additional pulls
at 12 mA¨g´1 and 4 mA¨g´1) and HRDs (ratio of discharge capacity at 50 mA¨g´1

to that at 4 mA¨g´1) for the first 13 cycles for each alloy in this study are plotted in
Figure 9a,b, respectively. Activations in both capacity and HRD were facilitated by
the addition of Ce, and therefore alloys with higher Ce-content activated faster. The
improvement in the activation by the addition of RE element is commonly seen and
was attributed to the formation of RENi secondary phase with a higher solubility in
KOH solution [8,16–18]. Both the low-rate discharge capacities and HRDs of the two
base alloys (alloys Y0 and Ce0) and alloys with 1 at% RE are compared in Figure 10a,b,
respectively. For the low-rate capacity performance, alloy Y1 exhibits the easiest
activation due to the ease of oxidation (Y has the lowest oxidation potential in Table 1),
and alloy La1 shows a degradation in capacity as a result of the thick and passive
surface oxide formation [62]. For the HRD activation, which is more related to the
new surface formation from cracking, alloys La1 and Ce1 show the fastest formations
due to the relative high solubilities of lanthanum and cerium hydroxides in 30 wt%
KOH electrolyte (pH « 14.7 in Equation (1)). Discharge capacities measured at
50 mA¨g´1 and 4 mA¨g´1 and HRD at the third cycle are listed in Table 6. As the
Ce-content in the alloy increases, capacities measured at both rates first increase and
then decreases while HRD continues to increase. The highest discharge capacity
obtained from this series of alloys is from alloy Ce1 (400 mAh¨ g´1), which also has the
highest gaseous phase storage capacity. Low-rate capacities and HRDs measured at
the third cycle for alloys with different RE substitutions are compared in Figure 11a,b,
respectively. Alloys Y5 and Ce1 show the highest and second highest low-rate
capacities, respectively, and the La- and Ce-substitutions demonstrate the best HRD
performances among all the RE-substitutions. Except for YNi, the RENi phases are
beneficial for HRD with the trade-off occurring in capacity. By examining both the
capacity and HRD results, it is concluded that alloy Ce1 has the best electrochemical
properties among all the RE-substituted alloys.
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where R is the ideal gas constant, and T is the absolute temperature at which the measurement was 
performed. ΔHh is negative due to the exothermic nature of the hydrogenation reaction. ΔHh increases 
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pressure). ΔSh is related to DOD in a hydride from a completely ordered solid (e.g., solid hydrogen) 
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ΔSh (less negative), suggesting that the addition of the CeNi phase increases DOD of the hydride, 
which is another indication of the CeNi phase’s participation in H-storage. 
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addition of RE element is commonly seen and was attributed to the formation of RENi secondary 
phase with a higher solubility in KOH solution [8,16–18]. Both the low-rate discharge capacities and 
HRDs of the two base alloys (alloys Y0 and Ce0) and alloys with 1 at% RE are compared in Figure 
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to the ease of oxidation (Y has the lowest oxidation potential in Table 1), and alloy La1 shows a 
degradation in capacity as a result of the thick and passive surface oxide formation [62]. For the HRD 
activation, which is more related to the new surface formation from cracking, alloys La1 and Ce1 
show the fastest formations due to the relative high solubilities of lanthanum and cerium hydroxides 
in 30 wt% KOH electrolyte (pH ≈ 14.7 in Equation (1)). Discharge capacities measured at 50 mA·g−1 
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and Ce-substitutions demonstrate the best HRD performances among all the RE-substitutions. Except 
for YNi, the RENi phases are beneficial for HRD with the trade-off occurring in capacity. By 
examining both the capacity and HRD results, it is concluded that alloy Ce1 has the best 
electrochemical properties among all the RE-substituted alloys. 
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Figure 9. Activation characteristics shown by (a) discharge capacities with the lowest discharge 
current (4 mA·g−1); and (b) high-rate dischargeabilities for the first 13 cycles for the alloys in this study. Figure 9. Activation characteristics shown by (a) discharge capacities with the
lowest discharge current (4 mA¨ g´1); and (b) high-rate dischargeabilities for the
first 13 cycles for the alloys in this study.
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Table 6. Summary of electrochemical half-cell and magnetic measurements, including the capacities 
at the third cycle, HRD at the third cycle, number of cycles needed to achieve 92% HRD, bulk diffusion 
coefficient, surface exchange current, results from AC impedance measurements, saturated magnetic 
susceptibility, and applied field at half of the saturated magnetic susceptibility. 

Electrochemical and Magnetics Properties Ce0 Ce1 Ce2 Ce3 Ce4 Ce5 
3rd cycle capacity @50 mA·g−1 (mAh·g−1) 300 378 381 380 355 355 
3rd cycle capacity @4 mA·g−1 (mAh·g−1) 376 400 396 392 363 364 

HRD (%) 80 95 96 97 98 98 
Number of activation cycle(s) to reach 92% HRD 6 2 1 1 1 1 

Diffusion coefficient, D (10−10 cm2·s−1) 2.1 3.1 4.2 4.3 1.5 1.7 
Surface reaction current, Io (mA·g−1) 12.8 45.8 32 31.8 40 29 

Charge-transfer resistance, R @−40 °C (Ω·g) 158.55 14.13 10.89 6.88 5.76 5.84 
Double-layer capacitance, C @−40 °C (F·g−1) 0.18 0.66 1.28 1.73 1.84 2.15 

RC product @−40 °C (s) 28.4 9.39 13.94 11.93 12.41 12.54 
Saturated magnetic susceptibility, Ms (emu·g−1) 0.0353 0.197 0.529 0.627 0.534 0.733 

Applied field at M.S. = ½ Ms, H1/2 (kOe) 0.500 0.177 0.218 0.196 0.210 0.196 

 
(a) (b) 

Figure 11. Evolutions of (a) low-rate capacity and (b) HRD at the third cycle with increasing RE-
content in the design. 

Since the MH alloy can be charged either in the gaseous phase by reacting with hydrogen gas or 
in the electrochemical environment with protons from water splitting that occurs with voltage, it is 
always interesting to compare the capacities obtained by these two different paths. After converting 
the unit of gaseous phase H-storage to that of electrochemical discharge capacity, 1 wt% hydrogen 
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Table 6. Summary of electrochemical half-cell and magnetic measurements,
including the capacities at the third cycle, HRD at the third cycle, number of cycles
needed to achieve 92% HRD, bulk diffusion coefficient, surface exchange current,
results from AC impedance measurements, saturated magnetic susceptibility, and
applied field at half of the saturated magnetic susceptibility.

Electrochemical and Magnetics Properties Ce0 Ce1 Ce2 Ce3 Ce4 Ce5

3rd cycle capacity @50 mA¨ g´1 (mAh¨ g´1) 300 378 381 380 355 355

3rd cycle capacity @4 mA¨ g´1 (mAh¨ g´1) 376 400 396 392 363 364

HRD (%) 80 95 96 97 98 98

Number of activation cycle(s) to reach 92% HRD 6 2 1 1 1 1

Diffusion coefficient, D (10´10 cm2¨ s´1) 2.1 3.1 4.2 4.3 1.5 1.7

Surface reaction current, Io (mA¨ g´1) 12.8 45.8 32 31.8 40 29

Charge-transfer resistance, R @´40 ˝C (Ω¨ g) 158.55 14.13 10.89 6.88 5.76 5.84

Double-layer capacitance, C @´40 ˝C (F¨ g´1) 0.18 0.66 1.28 1.73 1.84 2.15

RC product @´40 ˝C (s) 28.4 9.39 13.94 11.93 12.41 12.54

Saturated magnetic susceptibility, Ms (emu¨ g´1) 0.0353 0.197 0.529 0.627 0.534 0.733

Applied field at M.S. = 1/2 Ms, H1/2 (kOe) 0.500 0.177 0.218 0.196 0.210 0.196

Since the MH alloy can be charged either in the gaseous phase by reacting
with hydrogen gas or in the electrochemical environment with protons from water
splitting that occurs with voltage, it is always interesting to compare the capacities
obtained by these two different paths. After converting the unit of gaseous phase
H-storage to that of electrochemical discharge capacity, 1 wt% hydrogen content was
found to be equivalent to a discharge capacity of 268 mAh¨g´1. Our earlier studies
indicated that both the high-rate (50 mA¨g´1 for AB2) and low-rate (4 mA¨g´1

for AB2) electrochemical capacities are between the boundaries set by the gaseous
phase maximum and reversible H-storage capacities but do not necessarily exhibit
strong correlations with the gaseous phase capacities [19]. In order to investigate the
connection between the gaseous phase and electrochemical measurements, low-rate
discharge capacity vs. maximum H-storage capacity and high-rate discharge capacity
vs. reversible H-storage capacity for the RE-substituted AB2 MH alloys are plotted
in Figure 12a,b, respectively. From these two subfigures, linear correlations can
be established in both cases, and the electrochemical discharge capacities occur
between the boundaries set by the maximum and reversible H-storage capacities.
It is worthwhile to point out that the Ce-containing alloys have the highest reversible
H-storage and high-rate discharge capacities as shown in Figure 12b.
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Figure 12. Comparisons of the electrochemical discharge capacities and gaseous
phase H-storages of the RE-containing MH alloys by plotting: (a) low-rate discharge
capacity vs. maximum H-storage capacity; and (b) high-rate discharge capacity
vs. reversible H-storage capacity. Data set YY is from a previous study on the
combination of Y-addition and stoichiometry in the AB2 MH alloys [8].

Origins of the variations observed in HRD can be studied by the changes in bulk
diffusion coefficient (D) and surface reaction current (Io) measured electrochemically.
Details of the measurements and data analysis can be found in our earlier
publication [17]. Both D and Io of the Ce-containing AB2 MH alloys were measured,
and the results are listed in Table 6. In general, both quantities increase and then
decrease with increasing Ce-content in the alloy with the exception of Io from alloy
Ce4. Both trends are different from the monotonic increase seen in HRD. Therefore,
other factors may also play important roles in affecting HRD for this series of alloys.
Comparing among various RE-substitutions, D increases with increasing La-, Y-,
and Ce-contents but remains low in the case of Nd-substitution (Figure 13a), and Io

increases with a small amount of Ce, La, and Y but decreases with a small amount of
Nd (Figure 13b). Alloy Ce1 shows the highest Io, which can be attributed to its unique
microstructure that contains Ce metal instead of the CeNi phase as in the alloys with
higher Ce-contents (Table 4). It appears that Ce metal is more reactive compared to
CeNi with KOH electrolyte and thus contributes more to the surface reaction.

In order to study the roles of the TiNi and RENi phases in D and Io, four
sets of correlations are shown in Figures 14 and 15. In general, both the TiNi and
RENi phase abundances show positive correlations to D with the exception of the
Nd-containing alloys, which have the highest RENi- and TiNi-contents but also the
lowest Ds (Figure 4). It is possible that the TiNi and RENi phases are beneficial to
D only up to certain percentages (approximately 10 wt% and 5 wt% for TiNi and
RENi, respectively). Correlations with the TiNi and RENi phase abundances for Io
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are less obvious, but the general decreasing trends with increasing RENi and TiNi
phase abundances are observed (Figure 15). In an earlier effort to differentiate the
increasing rates of the YNi and TiNi phases, an off-stoichiometric composition design
was adopted [8]. In that study, the increase in YNi phase abundance was suppressed,
and Io increased with the increase in TiNi phase abundance (data sets with symbol *
in Figures 14 and 15).
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Low-temperature performance of the alloys was studied by AC impedance measured at −40 °C. 
Surface charge-transfer resistance (R) and surface double-layer capacitance (C) of each alloy were 
calculated from curve fitting of the Cole-Cole plot and are listed in Table 6. Very similar to the case 
of Nd-substitution, the Ce-containing alloys have much lower R compared to the RE-free base alloy 
(Figure 16a). The main reason for the reduction in R in the Ce-containing alloys is the increase in 
surface area represented by the increase in C as the Ce-content increases in the alloy (Figure 16b). RC 
product, a quantity inversely proportional to the surface catalytic ability, from the Ce-containing 
alloys are higher (less catalytic) than those from the La- and Nd-containing alloys. 

Figure 14. Correlations between diffusion coefficient and (a) TiNi phase abundance;
and (b) RENi phase abundance.

Low-temperature performance of the alloys was studied by AC impedance
measured at ´40 ˝C. Surface charge-transfer resistance (R) and surface double-layer
capacitance (C) of each alloy were calculated from curve fitting of the Cole-Cole plot
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and are listed in Table 6. Very similar to the case of Nd-substitution, the Ce-containing
alloys have much lower R compared to the RE-free base alloy (Figure 16a). The main
reason for the reduction in R in the Ce-containing alloys is the increase in surface area
represented by the increase in C as the Ce-content increases in the alloy (Figure 16b).
RC product, a quantity inversely proportional to the surface catalytic ability, from
the Ce-containing alloys are higher (less catalytic) than those from the La- and
Nd-containing alloys.
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4.5. Magnetic Properties

In most MH alloys, the HRD characteristics are heavily affected by the density
of metallic Ni-inclusion embedded in the surface oxide [63–66]. Thus far, the
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Si-containing AB2 MH alloys are the only type of alloy where the HRD performance
is dominated by the clean oxide/metal interface but not the occurrence of metallic
Ni [67]. Both the total saturated magnetic susceptibility (Ms, related to the total
volume of metallic Ni-clusters) and applied field corresponding to half of Ms (H1/2,
inversely proportional to the average number of Ni atoms in a cluster) were calculated
from the plot of measured M.S. versus applied magnetic field (as in [65]) and are
listed in Table 6. As the Ce-content in the alloy increases, Ms increases, and H1/2
drops precipitously and then remains approximately the same. The Ce/CeNi phase
in the Ce-containing alloys promotes the formation of metallic Ni-clusters embedded
in the surface oxide with a size around two and half times larger than those in the
Ce-free base alloy. When these two properties (Ms and H1/2) are compared among
all the RE-substitutions, as shown in Figure 17, the Ce-doped alloys have the highest
Ms values, which is in agreement of their high HRD (Figure 11b) and Io (Figure 13b)
values. The La-substitution shows the lowest Ms but still exibits comparable HRD
to that of the Ce-substitution due to the unique clean interface between the alloy
and surface catalytic Ni(OH)2 layer [62]. All the Ce- and Nd-doped alloys have
approximately the same size of metallic Ni-clusters that are larger than those in the
undoped base alloy (Figure 17b), which is very different from the unchanged size
of Ni-clusters observed in the La-doped alloys. The relatively high solubility of the
La ion promotes the formation of a catalytic Ni(OH)2 layer directly onto the metal
surface instead of having the metallic Ni embedded in the surface oxide/hydroixde
of Nd or Ce.
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5. Conclusions

We have analyzed and compared the effects of various RE-substitutions to
the Zr-based AB2 MH alloys on the structure, gaseous phase H-storage, and
electrochemical properties. The additions of RE elements were found to facilitate
activation and improve the HRD and low-temperature electrochemical performance.
Among all of the substitutions, the Ce-substitution was found to be the most effective
in reducing the PCT isotherm hysteresis (improving the cycle stability), increasing
the electrochemical capacity, and increasing the total volume of metallic Ni-clusters
embedded in the surface oxide, reactive surface area, and consequently surface
reaction current. Overall, our observations indicate that a 1 at% Ce-substitution in
the AB2 MH alloy can improve the electrochemical properties and is a viable option
for Ni/MH rechargeable batteries.
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Ni/MH Nickel/metal hydride
MH Metal hydride
RE Rare earth
ICP-OES Inductively coupled plasma-optical emission spectrometer
XRD X-ray diffractometer
SEM Scanning electron microscope
EDS Energy dispersive spectroscopy
PCT Pressure–concentration–temperature
H-storage Hydrogen storage
M.S. Magnetic susceptibility
M.P. Melting point
HCP Hexagonal closest-packed
DHCP Double- c hexagonal close-packed
e/a Average electron density
DOD Degree of disorder
VC14 Unit cell volume of the C14 phase
FWHM Full-width at half-maximum
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SEI Secondary electron image
BEI Back-scattering electron image
HRD High-rate dischargeability
∆ Hh Heat of hydride formation
∆ Sh Change in entropy
M–H Metal–hydrogen
SF Slope factor
Pa Absorption equilibrium pressure at 0.75 wt% H-storage
Pd Desorption equilibrium pressure at 0.75 wt% H-storage
β Hydride phase
α Metal phase or alloy matrix
R Ideal gas constant
T Absolute temperature
D Bulk diffusion coefficient
Io Surface exchange current
R Surface charge-transfer resistance
C Surface double-layer capacitance
Ms Saturated magnetic susceptibility
H1/2 Applied magnetic field strength corresponding to half of saturated

magnetic susceptibility
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Effects of Vanadium/Nickel Contents in
Laves Phase-Related Body-Centered-Cubic
Solid Solution Metal Hydride Alloys
Kwo-hsiung Young, Diana F. Wong and Jean Nei

Abstract: Structural, gaseous phase hydrogen storage, and electrochemical properties
of a series of annealed (900 ◦C for 12 h) Laves phase-related body-centered-cubic
(BCC) solid solution metal hydride (MH) alloys with vanadium/nickel (V/Ni)
contents ranging from 44/18.5 to 28/34.5 were studied. As the average Ni-content
increases, C14 phase evolves into the C15 phase and a new σ-VNi phase emerges;
lattice constants in BCC, C14, and TiNi phase all decrease; the main plateau pressure
increases; both gaseous phase and electrochemical hydrogen storage capacities
decrease; the pressure-concentration-temperature (PCT) absorption/desorption
hysteresis decreases; both high-rate dischargeability (HRD) and bulk hydrogen
diffusivity increase and then decrease; and the surface reaction current decreases.
There is a capacity-rate tradeoff with the change in V/Ni content. Alloys with
relatively lower Ni-content show higher capacities but inferior high-rate performance
compared to commercially available AB5 MH alloy. Increasing the Ni-content in this
BCC-based multi-phase alloy can improve the high-rate capability over AB5 alloy but
with lower discharge capacities. The inferior surface reaction current in these alloys,
compared to AB5, may be due to the smaller surface area, not the total volume, of
the Ni clusters embedded in the surface oxide layer of the activated alloys.

Reprinted from Batteries. Cite as: Young, K.-h.; Wong, D.F.; Nei, J. Effects of
Vanadium/Nickel Contents in Laves Phase-Related Body-Centered-Cubic Solid
Solution Metal Hydride Alloys. Batteries 2015, 1, 34–53.

1. Introduction

“Laves phase-related body-centered-cubic (BCC) solid solution” is a family
of metal hydride (MH) alloys composed mainly of a BCC phase and a Laves
phase (mostly C14), which can be used as the negative electrode active material
for nickel/metal hydride (Ni/MH) batteries [1,2]. Other minor phases, such as C15,
TiNi, Ti2Ni, and VNi can also be included. Both V and TiCr intermetallic alloys
have the same BCC crystal structure, which enable a wide composition solubility
range for BCC phase in the Ti-V-Cr ternary phase diagram [3]. Alloys with sole BCC
structure can have a hydrogen storage capacity higher than 3.5 wt% [4,5], but the
electrochemical performance is poor because of severe cracking and passivation on
the surface [5]. Adding Ni into the alloy formula promotes the formation of a C14

262



phase [6]. The introduction of Laves phases promotes good absorption kinetics [7],
easy formation due to its brittleness [8–10], and high surface catalytic activity through
a synergetic effect [11]. Many works have been reported in this family of alloys
that partially replace Ti, V, and Cr with other transition metals for improvements
in both hydrogen storage [9,12–19] and electrochemical applications [20–23]. Our
contributions to the field include the introduction of a high hydrogen pressure
activation process [24], an optimization of annealing conditions (900 ◦C for 12 h) [25],
and a study examining the contributions of the constituent elements in Laves
phase-related BCC solid solutions. The contributions of the elements are summarized
as: removal of Fe and decrease in V-content in exchange for higher Ni-content to
improve both the electrochemical capacity and high-rate dischargeability (HRD);
elimination of the C14 phase by removal of Zr contributing to a reduced discharge
capacity, a prolonged activation period, and a less catalytic surface for electrochemical
reaction; and the TiNi phase was also found to contribute positively to the bulk
diffusion of hydrogen while hindering the surface electrochemical reaction. In the
same study, an alloy (P17) achieved a full capacity of 390.8 mAh·g−1 at a small
discharge rate of 4 mA·g−1; however, the capacity decreases to 365.4 mAh·g−1 when
the discharge rate was increased to 50 mAh·g−1 [26]. The capacity degradation
with increased rate in P17 is worse than that in the conventional AB5 MH alloys
(from 336 mAh·g−1 to 329 mAh·g−1) under the same test condition [27]. The HRD
is very important for the high-power applications for Ni/MH battery, such as
in hybrid electrical vehicles and power tools. Previously, Ni has been known to
increase the HRD of the MH alloys [22,28–32]. In order to further improve the HRD
performance, the vanadium/nickel content in alloy P17 was adjusted and the results
are presented here.

2. Experimental Section

Ingot sample was prepared by an arc-melting, which includes a non-consumable
tungsten electrode, a water-cooled copper tray and a continuous argon flow. A piece
of sacrificial titanium underwent a few melting-cooling cycles to reduce the residual
oxygen concentration in the system before each run. Each 12 g ingot was re-melted
and turned over several times to ensure uniformity in chemical composition.
Following previously developed annealing conditions, each ingot was annealed
in vacuum at 900 ◦C for 12-h [25]. Chemical compositions for each ingot was
analyzed using a Varian Liberty 100 inductively coupled plasma-optical emission
spectrometer (ICP-OES, Agilent Technologies, Santa Clara, CA, USA). A Philips
X’Pert Pro X-ray diffractometer (XRD, Philips, Amsterdam, Netherlands) was used to
study the microstructure, and a JEOL-JSM6320F scanning electron microscope (SEM,
JEOL, Tokyo, Japan) with energy dispersive spectroscopy (EDS) capability was used
to study the phase distribution and composition. Gaseous phase hydrogen storage
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characteristics for each sample were measured using a Suzuki-Shokan multi-channel
pressure-concentration-temperature (PCT, Suzuki Shokan, Tokyo, Japan) system.
In the PCT analysis, each sample (a single piece of ingot with a newly cleaved surface
and a weight of about 2 g) was first activated by a 2-h thermal cycle (between 300 ◦C
and 30 ◦C) at 5 MPa H2 pressure. PCT isotherms at 30 and 60 ◦C were then measured.
Magnetic susceptibility was measured using a Digital Measurement Systems Model
880 vibrating sample magnetometer (MicroSense, Lowell, MA, USA).

3. Results and Discussion

3.1. Alloy Composition

Eight alloys with a general formula of Ti15.6Zr2.1V44−xCr11.2Mn6.9Co1.4Ni18.5+xAl0.3,
x = 0, 4, 6, 8, 10, 12, 14, and 16, were prepared by arc melting for this study. Design
compositions of these alloys are listed in Table 1. Alloys P17 (x = 0) and P22 (x = 4)
have been previously studied. P17 shows good balance between capacities and
HRD [26], and P22 was the subject of the annealing condition matrix study [25]. The
new compositions extend the study of V-content versus Ni-content. ICP results from
the ingot samples are listed in Table 1. Other than a small but consistent deficiency
in Zr (due to formation of ZrO2 as oxygen scavenger), the ICP results are very close
to the target compositions. The measured B/A ratios are slightly higher than the
designed values due to the loss in Zr.

Table 1. Design compositions and inductively coupled plasma (ICP) results for
alloys in this study. All numbers are in at%.

Alloy Ti Zr V Cr Mn Co Ni Al B/A

P17
Design 15.6 2.1 44.0 11.2 6.9 1.4 18.5 0.3 4.65
ICP 15.6 2 44.1 11.3 6.4 1.4 18.9 0.3 4.68

P22
Design 15.6 2.1 40.0 11.2 6.9 1.4 22.5 0.3 4.65
ICP 15.5 1.8 41.0 11.2 6.5 1.4 22.2 0.4 4.78

P23
Design 15.6 2.1 38.0 11.2 6.9 1.4 24.5 0.3 4.65
ICP 15.2 1.7 38.7 11.4 6.8 1.4 24.3 0.4 4.91

P24
Design 15.6 2.1 36.0 11.2 6.9 1.4 26.5 0.3 4.65
ICP 15.5 1.8 36.0 11.3 6.4 1.5 27.1 0.4 4.78

P25
Design 15.6 2.1 34.0 11.2 6.9 1.4 28.5 0.3 4.65
ICP 15.5 1.8 34.4 11.4 6.6 1.4 28.4 0.4 4.77

P26
Design 15.6 2.1 32.0 11.2 6.9 1.4 30.5 0.3 4.65
ICP 15.5 1.7 33.5 10.8 6.8 1.5 29.8 0.4 4.81

P27
Design 15.6 2.1 30.0 11.2 6.9 1.4 32.5 0.3 4.65
ICP 15.2 1.8 30.6 11.7 6.6 1.4 32.2 0.4 4.88

P28
Design 15.6 2.1 28.0 11.2 6.9 1.4 34.5 0.3 4.65
ICP 15.3 1.9 28.1 11.4 6.6 1.4 34.9 0.4 4.81
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3.2. X-Ray Diffractometer Structure Analysis

XRD patterns of the eight alloys are shown in Figure 1. Five sets of diffraction
peaks are observed: a BCC, two Laves phases (C14 and C15), a TiNi and a σ-VNi.
As the Ni-content in the alloy increases, the BCC peaks shift to higher angles, C14
phase is replaced by C15 phase, and σ-VNi phase starts to appear. σ-VNi phase is in
a tetragonal structure, and the lattice constants are a = 8.966 Å and c = 4.641 Å with a
composition at V0.6Ni0.4 [33]. It has wide solubility in V from 57.5 at% to 75 at% [34].
The V-Ni-Cr ternary phase diagram indicates an extension of σ-VNi phase from 0%
to about 40% Cr [35].
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Figure 1. X-ray diffractometer (XRD) patterns using Cu-Kα as the radiation source
for alloys: (a) P17; (b) P22; (c) P23; (d) P24; (e) P25; (f) P26; (g) P27; and (h) P28.
A vertical line is used to indicate the shift in body-centered-cubic (BCC) peaks.
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Lattice constants, crystallite sizes, and phase abundances of all five constituent
phases calculated from the XRD patterns are listed in Table 2. The variations in lattice
constants from BCC, C14, and TiNi phases are plotted in Figure 2. As the amount of
Ni increases, the lattice constant a in BCC first remains constant and then decreases,
both a and c in C14 phase decrease at about the same rate yielding a slight decrease
in c/a ratio, while a in TiNi sees a discontinuous two-segment decrease. The changes
in lattice constants for C15 and VNi are less prominent. Lattice parameter a in BCC
phase decreases from 2.977 Å to 2.946 Å as the Ni-content in the alloy increases, which
is further away from the optimized value of 3.042 Å corresponding to a maximized
hydrogen storage capacity [36].

Table 2. Lattice parameters, unit cell volumes, phase abundances, and crystallite
sizes of phases derived from XRD analysis. XS denotes crystallite size.

Alloy
BCC C14

a (Å) XS (Å)
Abundance

(wt%) a (Å) c (Å) c/a Unit cell
volume (Å3) XS (Å)

Abundance
(wt%)

P17 2.977 171 52.8 4.912 8.010 1.631 167.3 215 13.2
P22 2.974 57 50.7 4.890 7.968 1.629 165.0 275 17.1
P23 2.973 86 57.5 4.878 7.936 1.627 163.5 311 19.4
P24 2.974 72 47.0 4.865 7.915 1.627 162.2 255 20.3
P25 2.954 86 61.2 4.858 7.895 1.625 161.4 287 22.1
P26 2.950 71 55.2 4.844 7.883 1.627 160.2 272 11.1
P27 2.948 68 47.8 - - - - - -
P28 2.946 73 34.2 - - - - - -

Alloy
C15 TiNi VNi

a (Å) XS (Å)
Abundance

(wt%) a (Å) XS (Å)
Abundance

(wt%) a (Å) c (Å) XS (Å)
Abundance

(wt%)

P17 - - - 2.993 170 34.0 - - - -
P22 - - - 2.962 175 32.4 - - - -
P23 - - - 2.959 273 23.0 - - - -
P24 - - - 2.958 204 32.6 - - - -
P25 - - - 2.899 105 8.9 9.009 4.686 184 7.7
P26 6.859 637 15.1 2.905 228 4.5 9.010 4.692 219 14.1
P27 6.860 405 26.6 2.912 127 13.0 9.017 4.644 250 12.6
P28 6.858 347 24.7 2.912 115 25.5 9.012 4.642 344 15.7

Phase abundance and crystallite sizes of each phase are listed in Table 2. These
values were obtained from full pattern fitting of the XRD data using the Rietveld
method and Jade 9 Software (KS Analytical System, Aubrey, TX, USA).

The evolution of phase abundance is plotted in Figure 3. C14 Laves phase
abundance first increases and then decreases as it is replaced by another Laves
phase—C15 phase. The total Laves phase abundance generally increases, but begins
to taper and decrease as it is changed to C15 phase. TiNi phase abundance varies
widely as it first decreases, then increases, decreases, and finally increases again. BCC
phase constitutes about 50–60 wt% and then drops to below 40 wt%. σ-VNi-phase
appears in alloys with higher Ni-content, and the abundance further increases. The
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crystallite sizes (XS) of all five constituent phases have different trends. As the
Ni-content in the alloy increases at the expense of V, the XS of BCC and C15 phases
decrease, the XS of C14 and TiNi phases first increase and then decrease, and in VNi
phase, the XS increases.
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Figure 2. Lattice constants a and c from C14 phase, and lattice constants a from
BCC and TiNi phases as functions of Ni-content in design.

3.3. Scanning Electron Microscope/Energy Dispersive Spectroscopy
Microstructure Analysis

Microstructures for this series of alloys were studied using SEM, and the
resulting back-scattering electron images (BEI) are presented in Figure 4.

EDS analysis was used to study the chemical compositions of several areas
showing different contrasts and the results are summarized in Table 3. In the case of
BCC-C14 dual-phase alloy, during cooling of the melt, BCC phase with high V-content
solidifies first to form a three-dimensional framework while the rest of the liquid
solidifies into Laves phase as the alloy cools further. The Laves phase itself is also
a three-dimensional framework (Figure 4 in [37]). This interlacing dual-framework
can be seen in the alloys in the current study, but the framework has less alignment.
The main BCC phase is shown in a darker contrast due to its low Zr- and Ni-contents
(lower average atomic weight). The grain size of the main BCC phase increases but
the crystallite size decreases (as seen from the XRD analysis) as the Ni-content in
the alloy increases. The majority of the secondary phases is in the BCC phase grain
boundary, and it evolves from TiNi + C14 + Ti2Ni (P17, very small amount and not
detectable by XRD) to TiNi + C14 + Zr (P22 − P24), TiNi + C14 + C15 + VNi + Zr +
TiO2 (P25, P26), and TiNi + C15 + VNi + Zr + TiO2 (P27, P28). The average electron
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density (e/a) calculated from the measured composition was used to distinguish the
C14 and C15 Laves phases. The e/a values are listed in Table 3, and in this case, the
C14/C15 threshold falls at a value of 7.45 [38,39]. The VNi phase starts at the center
of the secondary phase region (Figure 4e-4) and moves to the boundary between
BCC main phase and other secondary phases (TiNi and Laves). It is clear from
the V-Ni phase diagram that the cooling sequence is first BCC phase, followed by
σ-VNi phase and finally ending with a VNi2 (oI6 structure) + σ-VNi mixture [34].
In our multi-element case, the final VNi2 is replaced by a combination of TiNi and
Laves phases.
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Figure 4. Scanning electron microscope (SEM) back-scattering electron images (BEI) for alloys: 

(a) P17; (b) P22; (c) P23; (d) P24; (e) P25; (f) P26; (g) P27; and (h) P28. Chemical compositions 
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Figure 4. Scanning electron microscope (SEM) back-scattering electron images
(BEI) for alloys: (a) P17; (b) P22; (c) P23; (d) P24; (e) P25; (f) P26; (g) P27; and
(h) P28. Chemical compositions in the numbered areas measured by EDS are listed
in Table 3.
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Table 3. Energy dispersive spectroscopy (EDS) composition data from select spots
in Figure 3. All numbers are in at%. B/A ratios for C14 and C15 phases were
calculated assuming V is in the B-site while those in TiNi and VNi phases were
calculated assuming V in the A-site. Compositions in the main BCC phase are
highlighted in bold.

Location Zr Ti V Cr Mn Fe Co Ni Al B/A e/a Phase

Figure 4a-1 16.2 16.3 7.8 4.4 5.9 0.0 1.8 47.5 0.1 2.08 7.28 C14
Figure 4a-2 4.7 36.4 7.8 0.8 3.6 0.0 2.0 44.4 0.3 1.04 - TiNi
Figure 4a-3 6.2 48.5 11.7 1.2 2.3 0.0 1.8 28.3 0.1 0.51 - Ti2Ni
Figure 4a-4 0.1 5.5 63.5 16.9 7.4 0.0 0.8 5.6 0.2 - - BCC

Figure 4b-1 14.3 17.3 9.4 0.6 4.8 0.0 0.8 52.5 0.3 2.16 7.44 C14
Figure 4b-2 2.8 34.3 7.3 0.9 4.7 0.1 2.7 46.4 0.8 1.25 - TiNi
Figure 4b-3 0.1 3.0 60.7 17.7 11.8 0.0 0.9 5.7 0.1 - - BCC
Figure 4b-4 87.2 3.0 3.1 0.5 0.8 0.1 0.4 4.8 0.1 - - Zr

Figure 4c-1 12.0 18.6 12.4 0.7 3.5 0.0 0.9 51.6 0.3 2.27 7.38 C14
Figure 4c-2 2.4 34.5 8.4 1.0 3.7 0.0 2.3 47.2 0.5 1.21 - TiNi
Figure 4c-3 0.1 4.5 58.1 18.2 8.6 0.0 1.1 9.3 0.1 - - BCC
Figure 4c-4 93.9 1.1 2.5 0.4 0.3 0.1 0.1 1.5 0.1 - - Zr

Figure 4d-1 10.6 17.9 16.5 2.5 4.7 0.0 1.4 46.2 0.2 2.51 7.20 C14
Figure 4d-2 1.9 33.9 8.6 1.1 3.5 0.0 2.4 47.6 1.0 1.25 - TiNi
Figure 4d-3 0.0 2.3 60.0 21.1 8.3 0.0 1.0 7.1 0.2 - - BCC
Figure 4d-4 94.7 0.7 1.8 0.4 0.1 0.0 0.2 1.9 0.2 - - Zr

Figure 4e-1 10.8 16.0 14.2 1.8 4.2 0.0 1.0 51.7 0.3 2.73 7.45 C15
Figure 4e-2 8.5 17.7 18.2 2.5 5.0 0.0 1.5 46.2 0.3 2.81 7.22 C14
Figure 4e-3 1.6 33.8 8.6 1.1 4.1 0.1 2.5 47.5 0.8 1.28 - TiNi
Figure 4e-4 0.2 7.0 48.2 6.6 5.2 0.1 1.3 31.3 0.1 0.81 - VNi
Figure 4e-5 0.0 2.4 58.7 21.8 8.5 0.0 1.0 7.4 0.1 - - BCC
Figure 4e-6 89.0 3.2 2.4 0.4 0.2 0.0 0.2 4.5 0.1 - - Zr
Figure 4e-7 4.7 69.5 7.8 1.3 1.6 0.0 0.6 14.1 0.3 - - TiO2

Figure 4f-1 10.5 16.2 13.3 1.9 4.4 0.0 1.0 52.5 0.2 2.75 7.50 C15
Figure 4f-2 8.9 17.3 15.7 2.5 5.1 0.0 1.4 48.8 0.2 2.81 7.35 C14
Figure 4f-3 1.4 30.7 10.3 1.1 5.1 0.0 2.0 48.6 0.8 1.36 - TiNi
Figure 4f-4 0.2 6.8 48.4 7.1 6.8 0.0 1.5 29.0 0.1 0.80 - VNi
Figure 4f-5 0.0 2.1 58.3 21.6 8.7 0.0 1.1 8.0 0.1 - - BCC
Figure 4f-6 6.0 79.0 8.3 0.1 0.5 0.0 0.2 6.0 0.0 - - TiO2

Figure 4g-1 10.4 16.5 11.9 2.1 5.2 0.1 1.2 52.4 0.3 2.72 7.53 C15
Figure 4g-2 4.5 30.2 9.2 1.0 5.0 0.0 1.0 48.8 0.2 1.28 - TiNi
Figure 4g-3 0.1 6.6 46.2 9.4 6.6 0.0 1.8 29.3 0.1 0.89 - VNi
Figure 4g-4 0.0 1.8 55.4 25.3 8.6 0.0 1.1 7.6 0.1 - - BCC
Figure 4g-5 85.5 5.1 2.1 0.5 0.6 0.2 0.1 5.8 0.1 - - Zr
Figure 4g-6 3.5 82.8 7.6 0.1 0.6 0.0 0.1 5.2 0.1 - - TiO2

Figure 4h-1 10.2 16.2 11.8 2.4 5.5 0.0 1.1 52.5 0.3 2.79 7.53 C15
Figure 4h-2 1.3 30.1 9.1 1.0 6.3 0.0 2.3 49.0 0.9 1.47 - TiNi
Figure 4h-3 0.1 6.6 43.5 11.6 6.8 0.2 1.8 29.2 0.2 0.99 - VNi
Figure 4h-4 0.0 1.7 53.0 27.4 8.3 0.0 1.2 8.3 0.1 - - BCC
Figure 4h-5 86.1 3.9 2.2 0.4 0.7 0.0 0.2 6.2 0.2 - - Zr
Figure 4h-6 2.0 90.6 3.3 0.1 0.5 0.0 0.2 3.3 0.1 - - TiO2
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The atomic percentages of a few key elements in BCC, TiNi, and C14 phases
examined by SEM/EDS are plotted in Figure 5 as functions of Ni-content in the
overall alloy design. Since the sampling volume of one spot in the EDS analysis
is very limited (up to a few microns in diameter), the results may not be very
representative and should be interpreted with caution. In the main BCC phase, as
the Ni-content increases at the expense of V, the V-content decreases, the Cr-content
increases, and the Mn- and Ni-contents remain at about the same values (Figure 5a).
Because Cr is smaller than V, this decreases the lattice constant in BCC phase. V is
a hydride former, and a smaller unit cell with less V-content has direct impacts
on several properties: the metal-hydrogen bond strength will be weaker (better
HRD), the plateau pressure will be higher, and the storage capacity will be lower.
In the TiNi phase, as the Ni-content in design increases, the Ni-content increases,
the Ti-content decreases, and the V- and Mn-contents remain relatively unchanged
(Figure 5b). Because Ni is smaller than Ti, this results in a smaller unit cell, which is
also beneficial in the TiNi catalytic phase for easier hydrogen diffusion. In the C14
phase, as the Ni-content in design increases, the Zr-content decreases, the V-content
increases, and Ti and Ni remain unchanged. The decrease in Zr is due to the fact that
Laves phase contains most of the Zr and its abundance in Laves phase increases with
the increase in Ni. The overall Zr-content is fixed; therefore, the Zr-content in Laves
phase is diluted and the heavily over-stoichiometry (B/A > 2.0) invites more V into
the Laves phase. Both the lattice constants a and c decrease as more Zr (larger) is
replaced by V (smaller). The relatively constant c/a indicates that most of the V sits
in the A-site since a relatively large substitution in the B-site will cause an anisotropic
enlargement in the unit cell [40,41]. The shrinkage in catalytic C14 phase unit cell
also facilitates hydrogen diffusion in the alloy bulk.

3.4. Gaseous Phase Study

Gaseous phase hydrogen storage properties of the alloys were studied by PCT.
All samples are activated with one thermal cycle in the presence of hydrogen.
Consequent measurements did not change the PCT characteristic significantly.
The resulting absorption and desorption isotherms measured at 30 ◦C and 60 ◦C
are shown in Figure 6. Information obtained from the PCT study is summarized in
Table 4. A two-phase characteristic can be observed in alloys P22–P24. The heat of
hydride formation of each of the phases can be estimated from the atomic percentages
and the heats of hydride formation (∆Hh) for the three main hydride-former atoms,
i.e., Zr (∆Hh = −163 kJ·mol H2

−1 for ZrH2), Ti (∆Hh = −124 kJ·mol H2
−1 for TiH2),

and V (∆Hh = −34 kJ·mol H2
−1 for VH2) [42]. For example, the calculated ∆Hh for

TiNi will be −62 kJ·mol H2
−1, which is close to the experimental result of −60 kJ·mol

H2
−1 [43]. The such-obtained ∆Hh for the constituent phases for P22 are −25.5 (BCC),

−49.6 (TiNi), and −46.8 kJ·mol H2
−1 (C14). Therefore, the main plateau at higher
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equilibrium pressure in the PCT isotherm for P22 alloy is attributed to the main
BCC phase, and the second plateau, which occurs at lower hydrogen concentration
and lower equilibrium pressure, is attributed to the combination of TiNi and C14
secondary phases. The same estimation is performed on alloy P26, and the results
are −22.4 (BCC), −25.2 (VNi), −43.8 (TiNi), −41.3 (C14), and −41.7 kJ·mol H2

−1

(C15). The first two phases (BCC and VNi) are considered to be storage phases,
which are responsible for the plateau in the PCT isotherm, and the other three phases
with higher Ni-content are the catalytic phases that do not contribute directly to the
hydrogen storage capacity.Batteries 2015, 1 43 
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Figure 6. (a) 30 °C and (b) 60 °C pressure-concentration-temperature (PCT) isotherms of 
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Figure 6. (a) 30 ◦C and (b) 60 ◦C pressure-concentration-temperature (PCT)
isotherms of alloys P17, P22, P23, P24; and (c) 30 ◦C and (d) 60 ◦C of alloys P25,
P26, P27, and P28. Open and solid symbols are for absorption and desorption
curves, respectively.
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Table 4. Summary of gaseous phase and thermodynamic properties. The ∆H and
∆S were calculated from the equilibrium pressure plateaus measured at 30, 60, and
90 ◦C with the error bars of about ±2%.

Alloy No.

Desorption
pressure
@ 30 ◦C

Desorption
pressure
@ 60 ◦C

Maximum
capacity
@ 30 ◦C

Reversible
capacity
@ 30 ◦C

PCT
hysteresis
@ 30 ◦C

PCT
hysteresis

@ 60 ◦C

−∆H −∆S

(MPa) (MPa) (wt%) (wt%) (kJ·mol−1) (J·mol−1·K−1)

P17 0.17 0.53 1.68 1.01 1.06 1.10 30.9 107
P22 0.21 0.60 1.53 1.24 1.14 1.13 29.9 105
P23 0.22 0.79 1.45 1.25 1.20 1.06 35.3 123
P24 0.32 1.07 1.38 1.20 1.10 0.86 34.2 122
P25 0.45 1.42 1.33 1.16 0.77 0.82 32.1 119
P26 0.43 1.36 1.14 0.93 0.79 0.84 32.4 119
P27 1.06 3.20 0.85 0.75 0.79 0.46 31.0 122
P28 1.90 - 0.63 0.51 0.76 - - -

As the Ni-content in the alloy increases, the plateau pressure in the BCC phase
increases monotonically (due to the decrease in the BCC unit cell volume), the
maximum storage capacity decreases, and the reversible storage first increases
(due to the increase in abundance of catalytic C14 phase and the shrinkage in
unit cell volumes for BCC, TiNi, and C14 phases) and then decreases (due to the
reduction in the maximum capacity). Hysteresis of the PCT isotherm is defined
as ln(Pa/Pd), where Pa and Pd are the absorption and desorption equilibrium
pressures at the main plateau (BCC phase), respectively. In general, the hysteresis
measured at 30 ◦C divides the alloys into two groups: alloys with relatively low
Ni-content (P17, P22–P24) that show higher hysteresis than those in the other group
(P25–P28). PCT hysteresis represents the energy required to elastically distort the
lattice at the metal/hydride interface [44]. The first alloys (P17, P22–P24) also have
distinctively larger unit cells (Figure 2) and also are free of C15 and σ-VNi phases.
The connection between PCT hysteresis and structural properties of these alloys
requires further investigation.

In order to study the thermodynamic properties of these alloys, equilibrium
pressure in the BCC plateau at 30 ◦C and 60 ◦C were used to estimate the ∆Hh and
entropy (∆S) by the equation:

∆G = ∆Hh - T∆S = RTln P (1)

where R is the ideal gas constant and T is the absolute temperature. Results of these
calculations are listed in Table 4. The values may not be accurate and can only be
used for comparison among these alloys. As the Ni-content in the design increases,
both ∆Hh and ∆S decrease first and then increase. The decrease in ∆Hh of the first
three alloys (P17, P22 and P23) is due to the reduction in the TiNi phase abundance
reducing the proximity effects from the catalytic phases [45]. Further increase in ∆Hh
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is due to the shrinking unit cell volume in BCC phase [46]. ∆S is an indication of
how far the MH system is from a perfect, ordered state. The theoretical value of ∆S
is the entropy of hydrogen gas, which is close to –135 J mol−1 K−1. Alloy P23 shows
the lowest ∆Hh and ∆S, and this indicates that it has the least interaction between the
main storage phase and the catalytic phase, acting as a single BCC phase MH alloy.

3.5. Electrochemical Measurement

The electrochemical discharge capacity of each alloy was measured in a
flooded-cell configuration against a partially pre-charged Ni(OH)2 positive electrode.
No alkaline pretreatment was applied before the half-cell measurement. For the
activation behavior study, each sample electrode was charged at a constant current
density of 50 mA·g−1 for 10 h and then discharged at a current density of 50 mA·g−1

followed by two pulls at 12 mA·g−1 and 4 mA·g−1. The results of the low-rate
(full) capacity and the HRD50 (defined as the ratio in capacities obtained between
50 mA·g−1 and 4 mA·g−1) for the first thirteen cycles are plotted in Figure 7. From
the comparison, it is easy to see that the activation in low-rate capacity is similar for
all alloys (Figure 7a), but the activation in HRD (more related to surface oxidation and
pulverization) is easier in alloys with lower Ni-content and becomes more difficult
with the increase in Ni-content (Figure 7b). Capacities measured at the 4th cycle
are listed in Table 5 together with other important electrochemical and magnetic
properties of the alloys in this study. The capacities measured at the 4th cycle are
also plotted in Figure 8 with the gaseous phase capacity converted to a theoretical
electrochemical capacity by

1 wt% of H2 = 268 mAh·g−1 (2)

As the Ni-content in the design increases, both capacities measured at 50 mA·g−1

and 4 mA·g−1 rates decrease monotonically, which is similar to the decrease in the
maximum storage capacities measured in the gaseous phase. In a conventional
MH alloy, the electrochemical capacities measured at different rates fall between
the boundaries set by the equivalent maximum and reversible hydrogen storage
capacities [29,47–50]. In the current study, the electrochemical capacities drop below
the lower bound set by the gaseous phase reversible capacity for alloys P24–P28.
It is due to the relatively high equilibrium pressure at room temperature (RT) of
these alloys (>0.6 MPa) preventing a full charge under the open flooded half-cell
configuration. The electrochemical discharge capacities of these alloys should be
higher in a sealed cell where the cell pressure can be kept as high as 2.8 MPa.
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Table 5. Summary of electrochemical and magnetic properties. High-rate
dischargeability (HRD)200 is the ratio of capacities measured at 200 mA·g−1 and
4 mA· g−1. RT: room temperature.

Alloy
No.

4th cycle
capacity @
50 mA·g−1

4th cycle
capacity @ 4

mA·g−1 HRD200
Activation cycle to

reach maximum
capacity

Diffusion
coefficient, D

@RT

Exchange
current Io

@RT
Ms H1/2

Open
circuit
voltage

(mAh·g−1) (mAh·g−1) (10−10·cm2·s−1) (mA·g−1) (emu·g−1) (kOe) (V)

P17 382.7 400.7 0.815 6 1.69 36.5 0.39 0.11 1.302
P22 360.4 371.0 0.873 5 1.67 25.2 1.40 0.11 1.306
P23 342.6 348.8 0.920 5 2.95 25.5 0.62 0.11 1.326
P24 308.1 314.1 0.939 6 2.85 20.0 0.92 0.10 1.330
P25 253.9 259.2 0.965 5 1.58 18.9 1.03 0.10 1.312
P26 201.6 207.7 0.913 5 1.22 12.8 1.81 0.11 1.288
P27 100.1 105.6 - 6 1.39 12.3 1.42 0.14 1.264
P28 68.0 72.4 - 6 1.46 16.3 1.40 0.12 1.332

Half-cell HRD200 of each alloy, defined as the ratio of discharge capacities
measured at 200 mA·g−1 and 4 mA·g−1, is listed in Table 5. As the Ni-content
in the alloy increases, HRD200 increases in the beginning, maximizes at alloy P25
and then decreases. When the discharge capacities at different discharge rates are
compared against a commercially available standard AB5 MH alloy with a HRD200

of 0.958 (Figure 9), only alloy P25 shows better rate-capability, but its capacities are
too low. We find that although BCC-TiNi-Laves MH alloys have higher discharge
capacities at a lower rate (<200 mA·g−1), their high-rate capacities are not as good as
in conventional AB5 MH alloys.
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of Ni-content in design.

In order to further study the inferior HRD capability in BCC-TiNi-Laves MH
alloys compared to AB5 MH alloys, both the bulk diffusion coefficient (D) and the
surface exchange current (Io) of the alloys under the current study were measured
electrochemically. The details of both parameters’ measurements were previously
reported [51], and the values are listed in Table 5. As the Ni-content in design
increases, the D value increases and then decreases, while Io decreases. The evolution
of the HRD is more similar to the trend in D than in Io, and therefore we conclude that
the high-rate performance in this series of alloys is more related to the bulk diffusion
than to the surface reaction. The increase in D initially is due to the shrinking unit
cells for BCC, TiNi, and C14 phases (Table 2). In a comparison study, C15 phase
shows faster hydrogen bulk diffusion than C14 phase [52]; therefore, the subsequent
decrease in D with higher Ni-content is most likely related to the formation of σ-VNi
phase. CALPHAD thermodynamic calculations show that hydrogen permeability is
reduced with higher Ni-content in V-Ni alloys [53]. Compared to the D value from a
typical AB5 MH alloy (2.55 × 10−10 cm2·s−1 [54]), alloys P23 and P24 have faster bulk
hydrogen diffusion. The reason the BCC-TiNi-Laves alloys have lower HRDs despite
better bulk diffusion is because of their relatively low Io values (Table 5) compared to
AB5 MH alloy (43.2 mA·g−1, [54]). When the abundances of the catalytic secondary
phases (Laves and TiNi) are plotted against the Io values as shown in Figure 10, it is
clear that while Laves phases (C14 and C15) appear beneficial, TiNi phase appears
detrimental to the surface electrochemical reaction. Similar findings regarding TiNi
phase hindering the HRD performance of Laves phase based AB2 MH alloys were
reported before [55].
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Figure 9. Rate-dependent discharge capacity for alloys P17, P22–P26 and a
commercially available AB5 MH alloy.
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Figure 10. Plots of Laves (C14 + C15) and TiNi phase abundances vs. the surface
exchange current.

The lower surface reaction currents measured in the current series of alloys
were further investigated by magnetic susceptibility measurement. Details of the
background and the experimental method are published in [56]. Metallic Ni is an
active catalyst for the water splitting and recombination reactions that contribute
to the Io in this electrochemical system, and this technique allows us to obtain the
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saturated magnetic susceptibility (MS), a quantification of the amount of surface
metallic Ni (the product of preferential oxidation), and the magnetic field strength at
one-half of the MS value (H1/2), a measure of the average reciprocal number of Ni
atoms in a metallic cluster. MS and H1/2 values for the alloys in this study are listed in
Table 5. While the H1/2 values of these alloys are very similar, the trend of MS values
with the increase in Ni-content is not obvious. When these values are compared to
values from an AB5 MH alloy (MS = 0.434 emu·g−1 and H1/2= 0.17 kOe [54]), we find
that all alloys except P17 have higher MS values. These BCC-TiNi-Laves alloys have
higher weight percentage of metallic Ni in their activated surfaces and should have
better HRD [57]. The reason for the lower Io values in this current series of alloys may
be due to their relatively larger Ni cluster sizes, resulting in less surface area, which is
indicated by smaller H1/2 values. Systematic transmission electron microscope work
is necessary here to continue the investigation of the metallic inclusions, particularly
their size and shape, embedded in the activated surface oxide layer of these alloys.

The open circuit voltage (OCV) of the electrochemical cells comprising a
negative electrode from each alloy and a Ni(OH)2/NiOOH positive electrode is
listed in Table 5. OCV is important for the power density of the cell and is usually
proportional to the logarithm of equilibrium pressure, typical of most MH alloys.
In the previous study in a series of BCC-C14 alloys, the OCV is inversely proportional
to the desorption equilibrium pressure [26]. In the current series of alloys, the plateau
pressure increases with the increase in Ni-content, but the OCV first increases and
then decreases except for the last alloy P28, which shows very small discharge
capacity due to insufficient charging in the open-air configuration. The evolution of
OCV in this study is similar to the trends in HRD and maximizes with alloy P24.

4. Conclusions

The Ni-content in a base alloy, P17, was increased with the intention to improve
the electrochemical high-rate performance in the negative electrode active material
for (Ni/MH) batteries. Although the HRD improved with the increase in Ni-content
at the expense of V, the discharge capacity was deteriorated. An alloy, P23, with
a composition of Ti15.6Zr2.1V36Cr11.2Mn6.9Co1.4Ni26.5Al0.3 shows a good balance
between capacity and high-rate capability. The increase in Ni-content shifts the Laves
phase from C14 into C15 because of the increase in the average electron density in
the phase. The increase in Ni-content also promotes a new σ-VNi phase, which has
a similar hydrogen-metal bond strength as the main BCC phase. The new phase
is associated with reduced bulk diffusion of hydrogen. Further improvement in
high-rate capability in this family of alloys should maintain the Ni-level at 22.5 at%
to 26.5 at% and increase the content of other C14-promoters, such as Zr and Hf.
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Studies on the Synergetic Effects in
Multi-Phase Metal Hydride Alloys
Kwo-hsiung Young, Taihei Ouchi, Tiejun Meng and Diana F. Wong

Abstract: The electrochemical reactions of multi-phase metal hydride (MH) alloys
were studied using a series of Laves phase-related body-centered-cubic (BCC)
Ti15.6Zr2.1V43Cr11.2Mn6.9Co1.4Ni18.5Al0.3X (X = V, B, Mg, Y, Zr, Nb, Mo, La, and
Nd) alloys. These alloys are composed of BCC (major), TiNi (major), C14 (minor),
and Ti2Ni (minor) phases. The BCC phase was found to be responsible for the visible
equilibrium pressure plateau between 0.1 MPa and 1 MPa. The plateaus belonging
to the other phases occurred below 0.005 MPa. Due to the synergetic effects of
other non-BCC phases, the body-centered-tetragonal (BCT) intermediate step is
skipped and the face-centered-cubic (FCC) hydride phase is formed directly. During
hydrogenation in both gaseous phase and electrochemistry, the non-BCC phases
were first charged to completion, followed by charging of the BCC phase. In the
multi-phase system, the side with a higher work function along the grain boundary
is believed to be the first region that becomes hydrogenated and will not be fully
dehydrided after 8 h in vacuum at 300 ˝C. While there is a large step at approximately
50% of the maximum hydrogen storage for the equilibrium pressure measured in
gaseous phase, the charge/discharge curves measured electrochemically are very
smooth, indicating a synergetic effect between BCC and non-BCC phases in the
presence of voltage and charge non-neutrality. Compared to the non-BCC phases, the
C14 phase benefits while the TiNi phase deteriorates the high-rate dischargeability
(HRD) of the alloys. These synergetic effects are explained by the preoccupied
hydrogen sites on the side of the hydrogen storage phase near the grain boundary.

Reprinted from Batteries. Cite as: Young, K.-h.; Ouchi, T.; Meng, T.; Wong, D.F.
Studies on the Synergetic Effects in Multi-Phase Metal Hydride Alloys. Batteries 2016,
2, 15.

1. Introduction

The synergetic effects in multi-phase metal hydride (MH) alloys refer to the
presence of microsegregated secondary phases occurring in the melted alloys that
effectively provide beneficial effects [1]. Some examples of synergetic effects in
the gaseous phase and electrochemical environment are summarized in Table 1.
In general, the synergetic effects in the gaseous phase hydrogen storage can improve
the storage capacity and reversibility, and are characterized by a continuous transition
in the pressure-concentration-temperature (PCT) isotherm, from the plateau pressure
corresponding to the phase with a stronger metal–hydrogen (M–H) bond strength
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to the phase with a weaker M–H bond strength (Figure 7b in [2]). The interface
region between two phases is considered to be critical for the synergy to take place.
Transmission electron microscopy (TEM) studies have demonstrated the interface
between the main C14 phase and other secondary phases (C15, Zr7Ni10, etc.) are
clean [3,4], and strong crystallographic orientation alignment can be established
by electron beam back-scattering diffraction pattern studies [5,6]. Some synergetic
effects in the electrochemical environment are similar to those in the gaseous phase,
i.e., improvement in capacity and hydrogen absorption/desorption rate. Interestingly,
the properties established by the scope of the gaseous phase can be further enhanced
by synergetic effects in the electrochemical environment. For example, it has been
found that the electrochemical discharge capacities of certain multi-phase MH alloys
can be increased substantially by lowering the equivalent plateau pressure (observed
through open-circuit voltage (OCV) changes during charge/discharge [7]) through
synergetic effects [8,9]. Therefore, a systematic study in the difference between the
synergetic effects in the two environments is of significant interest.

Table 1. Examples of synergetic effects in multi-phase metal hydride (MH) alloys.
GP and EC denote gaseous phase and electrochemistry experiments, respectively.
HRD: high-rate dischargeability.

Main Phase Secondary Phase Main Improvement Environment Reference

C14 Zr7Ni10 Capacity and activation * EC [10]
C14/C15 Zr7Ni10, ZrNi Capacity and activation EC [11]

C15 Zr7Ni10 HRD EC [12]
C15 Zr7Ni10 Capacity EC [13]

MgNi Ti Cycle stability EC [14]
C14/C15 Zr7Ni10 and TiNi HRD EC [15]
C14/C15 Zr7Ni10 and Zr9Ni11 Capacity and HRD EC [1]
Zr8Ni21 Zr7Ni10, Zr9Ni11 Capacity and HRD EC [16]

C14 Zr8Ni21 Activation, bulk diffusion, cycle stability EC [17,18]
Zr7Ni10 C15 HRD EC [19]

C14/C15 Zr7Ni10 and TiNi Capacity and reversibility GP [20]
C14/C15 Zr9Ni11 Activation, HRD, charge retention, and cycle stability EC [21]

C14 Zr9Ni11 and TiNi Capacity GP [21]
C14 Zr9Ni11 and TiNi Capacity, charge retention, and cycle stability EC [21]
C14 Zr7Ni10 and ZrNi HRD EC [21]

C14/C15 Zr7Ni10 and TiNi HRD EC [22]
Mg Mg2Ni Desorption kinetics GP [23]
AB5 AlMnNi2 Capacity and HRD EC [24]

BCC, C14 ZrNi Capacity, activation, and cycle stability EC [25]
Zr2Ni7 Zr7Ni0 Capacity GP, EC [26]
Zr7Ni0 Zr8Ni21 Capacity EC [26]
Zr2Ni7 ZrNi3, ZrNi5, VNi2, VNi3 Capacity EC [9]
Zr2Ni7 ZrNi3 and ZrNi5 Capacity EC [8]
NdNi5 Nd2Ni7 HRD EC [27]
LiBH4 Fluorographite Desorption kinetics GP [28]

Mg(BH4)2 Fluorographite Desorption kinetics GP [29]
MgH2 In, TiMn2 additives Desorption kinetics GP [30]

* indicates that the authors attributed improvement to micro-cracking at the surface
instead of to synergetic effects.
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Laves phase-related body-centered-cubic (BCC) solid solution alloys were
chosen for this study. By combining the high-capacity main storage BCC phase with
catalytic phases, such as C14, TiNi, and Ti2Ni, one alloy in the family demonstrated
a 30% increase in capacity when discharged at a current density of 100 mA¨g´1,
which is adequate for electric vehicle applications [31]. The development of
this family of alloys proceeded in stages and the X-ray diffraction (XRD) and
PCT analyses demonstrated strong evidence of synergetic effects between the
main storage phase and the catalytic phase [32–35]. With a base alloy of P17
(Ti15.6Zr2.1V44Cr11.2Mn6.9Co1.4Ni18.5Al0.3), the V/Ni content was adjusted to increase
the high-rate dischargeability (HRD) [36]. The synergetic effects in an electrochemical
environment were studied in detail using this same base alloy, P17, with substitutions
of other A-site atoms (B, Mg, Y, Zr, Nb, Mo, La, and Nd) and presented here.

2. Experimental Setup

The alloy samples were prepared using an arc-melting technique. The melting
was performed in an Ar environment with an average alloy weight of 12 g. The
chemical composition of the ingot, compared to the ratios in the raw materials,
was determined with a Varian Liberty 100 inductively coupled plasma-optical
emission spectrometer (ICP-OES, Agilent Technologies, Santa Clara, CA, USA).
The microstructures of the as-prepared samples were examined by a Philips X’Pert
Pro X-ray diffractometer (XRD, Philips, Amsterdam, The Netherlands) and a
JEOL-JSM6320F scanning electron microscope (SEM, JEOL, Tokyo, Japan) equipped
with energy-dispersive spectroscopy (EDS). The PCT analysis was performed with a
Suzuki-Shokan multi-channel PCT (Suzuki Shokan, Tokyo, Japan) system. The MH
alloys were compacted on Ni mesh to achieve the negative electrode, and the battery
cells were made by using a standard Ni(OH)2-positive electrode and 30 wt% KOH
electrolyte. The electrochemical testing of the battery cells was performed at room
temperature (RT) using a CTE MCL2 Mini (Chen Tech Electric MFG. Co., Ltd., New
Taipei, Taiwan) cell test system.

3. Results

3.1. X-Ray Diffraction Structure Analysis

Eight alloys with the targeted compositions listed in Table 2 were prepared by
arc melting. Th base alloy, P17, originated from a composition optimization study [35].
Other alloys were derivatives of this base alloy with 1 at% replacement aimed at the
A-site element (B, Mg, Y, Nb, Mo, La, and Nd). The chemical composition of the
as-prepared ingot was verified by ICP and shows a large discrepancy only in alloy
P39, where the added Mg was not found in the ingot due to loss from evaporation
during melting. Mg has a high vapor pressure at temperatures near the melting
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point of the alloy and low solubility in the AB2 phase [37,38]. The content of La
in the final ingot of P43 was less than 50% of the targeted content due to the high
chemical reactivity of La metal with the residual oxygen and the formation of oxide
slag during melting. The B/A ratios for the ingots ranged from 4.24 to 4.68, assuming
that Ti, Zr, and the additive elements are A-site atoms and the remaining constituent
elements are B-site atoms. The XRD patterns of the alloys are shown in Figure 1. The
three major peaks detected in all alloys belong to a BCC structure. All the minor
peaks can be attributed to a C14 Laves phase. A TiNi phase with a B2 structure
(a close derivative of a BCC structure) and a slightly larger lattice constant were
separated from the BCC phase using software deconvolution (JADE 9, Christchurch,
New Zealand).

Table 2. Design compositions (bold) and inductively coupled plasma (ICP) results
for alloys in this study in at %.

Alloy Source Ti Zr V Cr Mn Co Ni Al X B/A

P17
Design 15.6 2.1 44 11.2 6.9 1.4 18.5 0.3 0 4.65

ICP 15.6 2 44.1 11.3 6.4 1.4 18.9 0.3 0 4.68

P38 (X = B)
Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35

ICP 15.7 2.2 42.7 10.6 6.7 1.4 19.3 0.3 1.1 4.26

P39 (X = Mg) Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35
ICP 15.5 2.2 44.5 10.6 7.1 1.4 18.3 0.5 0 4.65

P40 (X = Y)
Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35

ICP 15.1 2 44.9 11.4 5.4 1.4 18.7 0.3 0.8 4.59

P41 (X = Nb)
Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35

ICP 15.8 2.1 41.2 11.7 7.4 1.5 19.2 0.4 0.8 4.35

P42 (X = Mo)
Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35

ICP 15 2 43.1 11 7.7 1.4 18.5 0.4 1 4.56

P43 (X = La)
Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35

ICP 16.1 2.2 40.9 11.8 7.4 1.5 19.3 0.4 0.4 4.34

P44 (X = Nd)
Design 15.6 2.1 43 11.2 6.9 1.4 18.5 0.3 1 4.35

ICP 15.9 2.2 43 9.8 6.8 1.4 19.6 0.3 1 4.24

The lattice constants, crystallite size, and phase abundances calculated from the
XRD pattern are listed in Table 3.
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preference for occupation site substitution can be deduced in the current study. From the abundances 
shown in Table 3, BCC (32‒61 wt%) and TiNi (29‒62 wt%) are the two major phases, with C14 as the 
secondary phase. The crystallite of the secondary phase (C14) is larger than those in the main phases 
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Table 3. Lattice parameters, unit cell volumes, phase abundances, and crystallite
sizes of phases derived from XRD analysis. XS denotes crystallite size.

Alloys

BCC C14 TiNi

a
(Å)

XS
(Å)

Abundance
(wt%)

a
(Å)

c
(Å) c/a Unit Cell

Volume (Å3)
XS
(Å)

Abundance
(wt%)

a
(Å)

XS
(Å)

Abundance
(wt%)

P17 2.977 171 52.8 4.912 8.010 1.631 167.3 215 13.2 2.993 170 34.0
P38 2.961 181 60.5 4.875 7.998 1.641 164.6 631 2.6 2.974 65 36.9
P39 2.968 260 53.0 4.892 8.019 1.639 166.2 322 7.0 2.982 89 39.9
P40 2.974 343 31.8 4.929 8.030 1.629 169.0 414 6.1 2.986 102 62.1
P41 2.971 187 50.4 4.906 7.991 1.629 166.6 309 20.7 2.986 41 28.9
P42 2.973 221 58.4 4.893 8.013 1.638 166.1 808 0.8 2.987 74 40.8
P43 2.962 262 38.9 4.899 8.003 1.634 166.3 240 9.5 2.976 85 51.6
P44 2.973 228 41.0 4.924 8.007 1.626 168.1 278 6.3 2.988 97 52.7

The lattice constants a from the three constituent phases are plotted against the
metallic radii of the additive elements in the Laves-phase alloy [39] in Figure 2a.
At a glance, the lattice constants from all three phases follow the same trend: a rapid
increase followed by a decrease with increasing radii of the additive. However, the
later EDS analysis indicates that most of the additives have zero or limited solubility
in these three main phases. Therefore, the changes in lattice constant are tied to
other characteristics of this group of alloys. For example, the lattice constants show
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a reasonably consistent trend of decreasing with increasing Mn-content (with a
relatively small radius) in the BCC phase, as shown in Figure 2b. The spread of c/a
ratio (a parameter that can be used to estimate the preferential occupation site for
foreign atoms [36,40]) in the A-atom substitution (1.626–1.641) is approximately the
same as the spread in the B-atom substitution study (1.627–1.644) [35]. No preference
for occupation site substitution can be deduced in the current study. From the
abundances shown in Table 3, BCC (32–61 wt%) and TiNi (29–62 wt%) are the two
major phases, with C14 as the secondary phase. The crystallite of the secondary phase
(C14) is larger than those in the main phases (BCC and TiNi), which has previously
been observed in BCC-Laves-related alloys [33,36], but which is not common in
multi-phase AB2 MH alloys [41]. It is interesting to observe that there is a correlation
between the abundance and the crystallite size in each phase. For example, as the
TiNi phase becomes more popular (larger abundance), its crystallite becomes larger.
In the case of BCC and C14 phases, the trend is the opposite (Figure 3).
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3.2. Scanning Electron Microscope Phase Analysis

The composition of the constituent phase was studied through a combination
of SEM and EDS on a few selected areas. A representative SEM-backscattering
electron image (BEI) from each alloy is shown in Figure 4, and the corresponding
EDS data are listed in Table 4. In contrast to the composition information obtained
from ICP, EDS results are far less accurate and representative but are still useful
for qualitatively studying the composition in each constituent phase. The two
main phases, BCC and TiNi, form separate 3D frameworks that interlace with each
other (for a schematic drawing, see Figure 4 in [32]). This microstructure suggests
an early formation of a V-rich BCC framework, which pushes the Ni and Ti into
grain boundaries and later forms the C14 and TiNi phases. According to an earlier
TEM study of the C14-predomintaed MH alloy, the C14 phase is solidified before
the formation of the TiNi phase [3,4]. The B/A ratio in each spot was calculated
assuming B occupies the A-site in the C14 phase [42] but occupies the A-site in the
TiNi and Ti2Ni phases [34]. All the calculated B/A ratios are slightly above their
stoichiometric values (hyper-stoichiometry), i.e., 2.0 (C14), 1.0 (TiNi), and 0.5 (Ti2Ni).
The anti-site defect (Ni in the A-site) is energetically more favorable, compared to the
vacancy defect [43], which explains the hyper-stoichiometry. The average electron
density (e/a), calculated from the number of conduction electrons in the constituent
metals [44] in the C14 phase, is lower than the C14/C15 threshold [45] and thus
a C14-structure is expected instead of a C15-structure, except for alloy P17. There
may be some of the C15 phase in alloy P17, according to its relatively higher e/a
ratio. From the EDS study, we found that only additive Nb participated in all three
main phases and only Mo was found in the BCC phase. Boron (B) is too light to be
detected by EDS, but definitely exists in the alloy, and Mg is missing completely,
which can both be confirmed by ICP. Rare earth elements, such as Y, La, and Nd,
promote formation of the AB phase and have undetectable solubilities in the BCC,
TiNi, and C14 phases. The Mn-content in the C14 phase has been correlated with the
lattice constants of the three phases in Figure 2b. Other correlations are less obvious.
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Figure 4. Scanning electron microscope SEM backscattering images from alloys
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Table 4. Energy-dispersive spectroscopy (EDS) composition data from select spots
in Figure 4. All numbers are in at%. B/A ratios for the C14 phase were calculated
assuming V is in the B-site, while those in the TiNi and VNi phases were calculated
assuming V in the A-site. Compositions in the main BCC phase are highlighted
in bold.

Location Zr Ti V Cr Mn Co Ni Al X B/A e/a Phase

P17-1 16.2 16.3 7.8 4.4 5.9 1.8 47.5 0.1 0.0 2.08 7.28 C14
P17-2 4.7 36.4 7.8 0.8 3.6 2.0 44.4 0.3 0.0 1.04 - TiNi
P17-3 6.2 48.4 11.7 1.2 2.3 1.8 28.3 0.1 0.0 0.51 - Ti2Ni
P17-4 0.1 5.5 63.5 16.9 7.4 0.8 5.6 0.2 0.0 - - BCC

P38-1 9.9 22.0 20.3 4.7 6.6 2.0 33.9 0.6 0.0 2.13 6.62 C14
P38-2 4.4 37.0 6.4 1.1 2.8 2.7 44.8 0.8 0.0 1.09 - TiNi
P38-3 5.5 45.4 15.4 2.4 2.8 1.8 26.4 0.3 0.0 0.51 - Ti2Ni
P38-4 0.1 5.2 62.8 17.5 8.4 0.8 5.0 0.2 0.0 - - BCC
P38-5 0.1 13.1 73.4 8.8 3.2 0.2 1.1 0.1 0.0 6.58 - Oxide

P39-1 9.7 22.8 20.0 4.8 7.1 2.2 32.5 1.0 0.0 2.08 6.56 C14
P39-2 3.8 33.9 11.9 2.4 3.4 2.8 40.6 1.1 0.0 1.01 - TiNi
P39-3 6.3 48.5 11.4 1.4 2.8 1.8 27.5 0.3 0.0 0.51 - Ti2Ni
P39-4 0.1 5.7 61.7 18.5 7.8 0.8 5.1 0.3 0.0 - - BCC

P40-1 11.8 21.3 20.4 3.3 4.8 1.6 36.2 0.7 0.0 2.02 6.66 C14
P40-2 5.2 37.9 5.5 0.9 2.0 2.8 45.2 0.4 0.0 1.06 - TiNi
P40-3 0.1 4.6 66.2 17.1 7.2 0.8 3.7 0.2 0.0 - - BCC
P40-4 2.0 0.8 1.4 0.5 0.3 0.0 53.4 0.8 40.8 1.22 - YNi
P40-5 6.6 84.9 5.7 0.5 0.4 0.1 1.7 0.2 0.0 - - TiO2
P40-6 0.0 1.4 1.7 0.4 0.0 0.0 2.3 1.3 92.9 - - Y

P41-1 6.1 22.9 21.1 5.9 7.4 2.0 31.2 0.5 2.8 2.14 6.54 C14
P41-2 2.8 37.5 7.2 1.4 3.3 2.7 43.8 0.8 0.5 1.08 - TiNi
P41-3 4.2 47.9 13.3 2.2 2.7 1.8 27.0 0.3 0.6 0.52 - Ti2Ni
P41-4 0.1 5.2 62.9 17.7 7.1 0.7 5.7 0.2 0.5 - - BCC

P42-1 10.3 21.9 20.0 4.4 6.4 2.0 34.3 0.6 0.1 2.10 6.63 C14
P42-2 4.5 37.0 6.3 0.9 2.6 2.7 45.2 0.8 0.0 1.09 - TiNi
P42-3 6.2 45.5 14.8 2.3 2.5 1.6 26.8 0.3 0.0 0.51 - Ti2Ni
P42-4 0.4 7.0 58.6 15.4 7.9 1.1 8.0 0.2 1.4 - - BCC

P43-1 9.2 23.5 20.6 5.3 7.3 2.1 31.3 0.7 0.0 2.06 6.51 C14
P43-2 4.1 38.5 5.9 1.1 2.5 3.0 44.3 0.7 0.0 1.06 - TiNi
P43-3 0.1 5.9 61.1 18.6 8.1 0.8 5.2 0.2 0.0 - - BCC-1
P43-4 1.1 30.2 45.5 12.7 6.3 0.5 3.3 0.1 0.3 - - BCC-2
P43-5 0.2 1.3 2.6 0.8 0.0 0.3 38.3 0.1 56.4 0.65 - LaNi

P44-1 9.9 23.1 20.8 4.4 6.4 2.1 32.8 0.6 0.0 2.03 6.56 C14
P44-2 4.3 38.4 6.0 0.9 2.5 2.8 44.4 0.7 0.0 1.05 - TiNi
P44-3 0.1 5.8 64.0 16.2 0.8 5.1 0.2 0.0 - - BCC
P44-4 0.5 2.9 2.9 0.3 0.9 0.1 46.5 0.2 45.7 0.92 - NdNi
P44-5 0.1 1.8 4.5 0.7 1.2 0 2 0 89.8 - - Nd
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3.3. Gaseous Phase Characteristics

The characteristics of gaseous phase hydrogen storage for these eight alloys
were studied by PCT analysis and the resulting isotherms, obtained at 30 ˝C and
60 ˝C, are shown in Figure 5. Similar to other alloys in the same family [32,33,35,36],
the PCT isotherm shows only one plateau in the pressure range of our apparatus
(0.001–5 MPa). There is at least one more known plateau below 0.001 MPa. The PCT
hysteresis from this family of alloys is much larger than those from the AB2 [46],
AB5 [47], and A2B7 [27] MH alloy families. The gaseous phase properties obtained
from the PCT analysis are summarized in Table 5. The desorption plateau pressures
of the substituted alloys are higher than that in the base alloy (P17), except for
Nd-doped P44, which indicates that most of the additives weaken the M–H bond
in the hydride. By comparing the capacities of these alloys, we found that while
La is beneficial to both maximum and reversible capacities, both B and Nb increase
the reversible capacity. The irreversible hydrogen storage capacity (the difference
between the maximum and reversible capacities) is proportional to the TiNi phase
abundance (shown in Figure 6). The PCT hysteresis originates from the elastic lattice
deformation energy needed at the metal (α)-hydride (β) interface during hydrogen
absorption [48,49]. The higher PCT hysteresis in this family of alloys suggests an
environment which results in difficulty with respect to expansion inside the alloy.
The substituted alloys show larger PCT hysteresis at 30 ˝C, but smaller PCT hysteresis
at 60 ˝C when compared to those from the base alloy P17.

Table 5. Summary of gaseous phase and thermodynamic properties.

Alloy
Desorption

Pressure @30 ˝C
(MPa)

Desorption
Pressure

@60 ˝C (MPa)

Maximum
Capacity

@30 ˝C (wt%)

Reversible
Capacity

@30 ˝C (wt%)

PCT
Hysteresis

@30 ˝C

PCT
Hysteresis

@60 ˝C

P17 0.17 0.53 1.68 1.01 1.06 1.10
P38 0.21 0.65 1.64 1.13 1.14 1.06
P39 0.21 0.71 1.72 1.14 1.16 1.06
P40 0.19 0.60 1.69 0.85 1.22 1.06
P41 0.23 0.76 1.57 1.15 1.13 1.05
P42 0.40 1.29 1.65 1.02 1.13 0.91
P43 0.28 1.05 1.85 1.09 1.23 0.76
P44 0.15 0.47 1.69 0.88 1.27 1.22
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and reversible capacities) is proportional to the TiNi phase abundance (shown in Figure 6). The PCT 
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suggests an environment which results in difficulty with respect to expansion inside the alloy. The 
substituted alloys show larger PCT hysteresis at 30 °C, but smaller PCT hysteresis at 60 °C when 
compared to those from the base alloy P17. 
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Figure 5. Pressure-concentration-temperature (PCT) isotherms measured at (a) 30 °C and (b) 60 °C for 
alloys P17, P38, P39, and P40; and (c) 30 °C and (d) 60 °C for alloys P41, P42, P43, and P44. 

Table 5. Summary of gaseous phase and thermodynamic properties. 
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Pressure @30 °C 
(MPa) 

Desorption 
Pressure @60 °C 

(MPa) 

Maximum 
Capacity @30 °C 

(wt%) 

Reversible 
Capacity @30 °C 

(wt%) 

PCT 
Hysteresis 

@30 °C 

PCT 
Hysteresis 

@60 °C 
P17 0.17 0.53 1.68 1.01 1.06 1.10 
P38 0.21 0.65 1.64 1.13 1.14 1.06 
P39 0.21 0.71 1.72 1.14 1.16 1.06 
P40 0.19 0.60 1.69 0.85 1.22 1.06 
P41 0.23 0.76 1.57 1.15 1.13 1.05 
P42 0.40 1.29 1.65 1.02 1.13 0.91 
P43 0.28 1.05 1.85 1.09 1.23 0.76 
P44 0.15 0.47 1.69 0.88 1.27 1.22 

Figure 5. Pressure-concentration-temperature (PCT) isotherms measured at
(a) 30 ˝C and (b) 60 ˝C for alloys P17, P38, P39, and P40; and (c) 30 ˝C and (d) 60 ˝C
for alloys P41, P42, P43, and P44.

Thermodynamic properties, including changes in enthalpy (∆H) and entropy
(∆S), were calculated from the equation for free energy (G):

∆G “ ∆H ´ T∆S “ RTInP (1)

where R is the ideal gas constant and T is the absolute temperature. Based on plateau
pressures in the absorption, desorption, and halfway point, three sets of ∆H and ∆S
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were calculated and listed in Table 6. Conventionally, the values obtained using the
desorption isotherm (∆HD and ∆SD) are adopted because the hysteresis is mainly
due to the energy barrier from lattice distortion at the α-β interface during hydrogen
absorption. In the current study, the ∆SA value is more consistent, suggesting
that the absorption isotherm may be increasingly unaffected, and at least should
be included in the report. As can be seen in Table 6, ∆HD is always lower than
∆HA, and ∆H(A+D)/2 falls between the two values. ∆SD can be higher or lower
than ∆SA, and ∆S(A+D)/2 also falls in the middle. In our previous publication, we
adopted an estimation method for ∆H from the atomic percentage and obtained
a ∆H of the three hydride-former atoms, Zr (∆Hh = ´163 kJ¨mol´1 H2 for ZrH2),
Ti (∆Hh = ´124 kJ¨mol´1 H2 for TiH2), and V (∆Hh = ´34 kJ¨mol´1 H2 for VH2).
This estimation is based on the following assumptions. The complete heat of hydride
formation of ABn alloy should be:

∆H pABnH2mq “ ∆ H pAHmq ` ∆H BnHmq´∆H pABnq r50s (2)

However, the ∆H for the alloy ABn and the non-hydride former atoms are
smaller than those in the hydride former atoms (for example, ∆H for VCr2 and
NiH0.5 are ´2 kJ¨mol´1 H2 [51] and ´6 kJ¨mol´1 H2 [52], respectively). Therefore,
the heat of hydride formation can be estimated by:

∆H pA1h A2k A3lBnH2q “ h∆H pA1H2q ` k∆H pA2H2q ` l∆H pA3H2q (3)

where h, k, l, and m are the atomic percentages of the hydride former elements A1, A2,
and A3 and the non-hyride former element B. According to this calculation, the ∆H
for the hydride of the constituent phases of alloy P17 are ´28.5 (BCC), ´55.4 (TiNi)
and ´49.3 kJ¨mol´1 H2 (C14). Therefore, the pressure plateaus in the PCT shown in
Figure 5 should correspond to the BCC phase, and those from TiNi and C14 phases
are below the minimum pressure used in our PCT apparatus (0.001 MPa). This
explains why the irrevesible part of the capacity (below 0.001 MPa) has a linear
correlation with the abundance of the TiNi phase, as shown in Figure 6.

The ∆Hs calculated with Equation (3) and the composition of the BCC phase
highlighted in Table 4 for each alloy are listed in the last column of Table 6 and
compared to the measured ∆H values in Figure 7a. Except for alloy P42 (Mo), the
measured ∆Hs, no matter the variation from the absorption (A), desorption isotherms
(D) or half-point (half), are lower (more negative) and do not vary much compared
to the calculated values. The decrease in the measured ∆H is due to the synergetic
effects associated with the other two phases that have a much lower ∆H and will be
discussed in the next section of this paper. In addition, the plateau pressure for the
PCT and BCC phase lattice constants have been correlated to the calculated ∆H in
the BCC phase, and the results are shown in Figure 7b. Except for alloy P42 (Mo), it is
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logical to connect the larger BCC unit cell volume to both lower plateau pressure and
lower (more negative) ∆H, indicating a stronger M–H bond. There is an appreciable
amount of Mo in the BCC phase of alloy P42 (1.4 at %). Mo has a relatively large
atomic size and contributes to the increase in lattice parameter. However, instead
of lowering the ∆H, Mo has a positive contribution (∆H for MoH0.5 = +10 kJ¨mol´1

H2 [52]). This explains the abnormal behavior of alloy P42 (Mo) in Figure 7.
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Except for alloy P42 (Mo), it is logical to connect the larger BCC unit cell volume to both lower plateau 
pressure and lower (more negative) ΔH, indicating a stronger M–H bond. There is an appreciable 
amount of Mo in the BCC phase of alloy P42 (1.4 at%). Mo has a relatively large atomic size and 
contributes to the increase in lattice parameter. However, instead of lowering the ΔH, Mo has a 
positive contribution (ΔH for MoH0.5 = +10 kJ·mol−1 H2 [52]). This explains the abnormal behavior of 
alloy P42 (Mo) in Figure 7. 
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Figure 7. (a) The measured ∆H based on the absorption, half-point, and desorption isotherms and (b) 
Plateau pressure and BCC phase lattice constants vs. the calculated ∆H based on BCC composition 
determined by EDS (Table 4) and Equation (3). 

Table 6. Thermodynamic properties ∆H and ∆S calculated from the equilibrium pressure plateaus (A: 
absorption, D: desorption, (A + D)/2:half-point) measured at 30, 45, and 60 °C with error bars of 
approximately ±3%. −∆HCalc is the calculated value from the BCC phase composition obtained with 
SEM-EDS (Table 4) using Equation (3). 

Alloy −∆HA 
(kJ·mol−1) 

−∆SA 
(J·mol−1·K−1) 

−∆HD 
(kJ·mol−1) 

−∆SD 
(J·mol−1·K−1) 

−∆H(A+D)/2 
(kJ·mol−1) 

−∆S(A+D)/2 
(J·mol−1·K−1) 

−∆HCalc 
(kJ·mol−1) 

P17 29.2 111 30.9 107 30.4 110 28.6 
P38 28.7 111 31.7 111 30.2 111 28.0 
P39 29.4 113 33.9 118 31.7 115 28.2 
P40 30.0 114 32.2 111 31.1 113 28.4 
P41 28.3 111 34.0 119 30.8 114 28.1 
P42 29.9 119 32.8 120 31.4 120 29.3 
P43 28.0 111 37.2 131 32.4 120 28.3 
P44 31.6 118 31.6 108 31.8 113 29.1 

3.4. Electrochemical Properties 

The electrochemical hydrogen storage properties were determined in a flooded half-cell 
configuration with a commercially available co-precipitated Ni91Co4.5Zn4.5 hydroxide (BASF, 
Rochester Hills, MI, USA) counter electrode and 30 wt% KOH electrolyte. The pressed electrode was 
charged with a current density of 100 mA·g−1 for 5 h and then discharged with the same current 
density to a cut-off voltage of 0.9 V with two more pulls at 24 mA·g−1 and 8 mA·g−1 at the same cut-
off voltage. The obtained total capacities and HRDs (as defined by the ratio between capacities 
obtained from 100 mA·g−1 and the total discharge capacity) from the first 13 cycles are plotted in 
Figure 8a,b, respectively, to demonstrate the activation behavior of these alloys. Most of the alloys 
reach their maximum capacity at Cycle 3 or 4, except for alloys P38 (B) and P40 (Y) which require 
more cycles to stabilize the capacity. It is easier to achieve HRD activation for alloys with higher HRD 
than those with lower HRD (alloys P40, P38, and P43). The capacities from 100 mA·g−1 and 8 mA·g−1 
discharge currents and their ratios for Cycle 5 are listed in Table 7. It is obvious that while the increase 
in the full capacity is only marginal with B (P38) and Nd (P44), the decrease in high-rate capacity and 
HRD is significant. The additives chosen for this study do not significantly improve the 

Figure 7. (a) The measured ∆H based on the absorption, half-point, and desorption
isotherms and (b) Plateau pressure and BCC phase lattice constants vs. the
calculated ∆H based on BCC composition determined by EDS (Table 4) and
Equation (3).
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Table 6. Thermodynamic properties ∆H and ∆S calculated from the equilibrium
pressure plateaus (A: absorption, D: desorption, (A + D)/2:half-point) measured
at 30, 45, and 60 ˝C with error bars of approximately ˘3%. ´∆HCalc is the calculated
value from the BCC phase composition obtained with SEM-EDS (Table 4) using
Equation (3).

Alloy ´∆HA
(kJ¨ mol´1)

´∆SA
(J¨ mol´1¨ K´1)

´∆HD
(kJ¨ mol´1)

´∆SD
(J¨ mol´1¨ K´1)

´∆H(A+D)/2
(kJ¨ mol´1)

´∆S(A+D)/2
(J¨ mol´1¨ K´1)

´∆HCalc
(kJ¨ mol´1)

P17 29.2 111 30.9 107 30.4 110 28.6
P38 28.7 111 31.7 111 30.2 111 28.0
P39 29.4 113 33.9 118 31.7 115 28.2
P40 30.0 114 32.2 111 31.1 113 28.4
P41 28.3 111 34.0 119 30.8 114 28.1
P42 29.9 119 32.8 120 31.4 120 29.3
P43 28.0 111 37.2 131 32.4 120 28.3
P44 31.6 118 31.6 108 31.8 113 29.1

3.4. Electrochemical Properties

The electrochemical hydrogen storage properties were determined in a flooded
half-cell configuration with a commercially available co-precipitated Ni91Co4.5Zn4.5

hydroxide (BASF, Rochester Hills, MI, USA) counter electrode and 30 wt % KOH
electrolyte. The pressed electrode was charged with a current density of 100 mA¨ g´1

for 5 h and then discharged with the same current density to a cut-off voltage of
0.9 V with two more pulls at 24 mA¨g´1 and 8 mA¨g´1 at the same cut-off voltage.
The obtained total capacities and HRDs (as defined by the ratio between capacities
obtained from 100 mA¨ g´1 and the total discharge capacity) from the first 13 cycles
are plotted in Figure 8a,b, respectively, to demonstrate the activation behavior of
these alloys. Most of the alloys reach their maximum capacity at Cycle 3 or 4, except
for alloys P38 (B) and P40 (Y) which require more cycles to stabilize the capacity. It is
easier to achieve HRD activation for alloys with higher HRD than those with lower
HRD (alloys P40, P38, and P43). The capacities from 100 mA¨g´1 and 8 mA¨g´1

discharge currents and their ratios for Cycle 5 are listed in Table 7. It is obvious
that while the increase in the full capacity is only marginal with B (P38) and Nd
(P44), the decrease in high-rate capacity and HRD is significant. The additives chosen
for this study do not significantly improve the electrochemical properties of the
base alloy (P17). The gaseous phase capacity is converted to the electrochemical
capacity following 1 wt% H2 = 268 mAh g´1 and plotted in Figure 9. As in other MH
alloys [53], both the low-rate and high-rate electrochemical capacities fall in between
the boundaries set by the maximum and reversible gaseous phase capacities. There
is no clear correlation between the gaseous phase maximum storage capacity and
the electrochemical low-rate capacity, but there is a strong similarity between the
gaseous phase reversible capacity and the electrochemical high-rate capacity, except
for the base alloy P17 (V).
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electrochemical properties of the base alloy (P17). The gaseous phase capacity is converted to the 
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alloys [53], both the low-rate and high-rate electrochemical capacities fall in between the boundaries 
set by the maximum and reversible gaseous phase capacities. There is no clear correlation between 
the gaseous phase maximum storage capacity and the electrochemical low-rate capacity, but there is 
a strong similarity between the gaseous phase reversible capacity and the electrochemical high-rate 
capacity, except for the base alloy P17 (V). 
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Figure 8. The evolution of (a) maximum capacity and (b) HRD in the first 13 cycles. 

Table 7. Summary of electrochemical properties. Cap100 and Cap8 are discharge capacities measured 
for discharge currents at 100 mA·g‒1 and 8 mA·g‒1, respectively. HRD100 is the ratio of capacities 
measured at 100 mA·g‒1 and 8 mA·g−1. RT: room temperature; and OCV: open circuit voltage. 
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5th Cycle 
(mAh g−1) 

Cap8 at 
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(mAh g−1) 

HRD100 
(Cap100/Cap8) 

Activation Cycle to 
Reach Maximum 

Capacity 

Diffusion 
Coefficient, D 

@RT (10−10 cm2 s−1) 

Exchange 
Current Io 

@RT (mA·g−1) 

OCV 
(V) 

P17 374.0 397.4 0.948 7 1.69 36.5 1.302 
P38 332.6 399.0 0.834 10 2.24 22.3 1.303 
P39 360.3 402.1 0.896 4 1.81 35.6 1.311 
P40 300.2 389.9 0.770 7 1.75 15.0 1.258 
P41 362.5 392.9 0.922 5 2.49 37.6 1.319 
P42 351.5 392.4 0.896 7 2.27 19.6 1.258 
P43 332.6 382.1 0.870 5 2.57 19.2 1.237 
P44 346.1 399.2 0.868 4 1.99 15.4 1.266 

 
Figure 9. Comparison of capacities obtained from gaseous phase and electrochemical measurements. 
The gaseous phase capacity is converted by 1 wt% = 268 mAh·g‒1. 

In order to further study HRD performance, the bulk diffusion constant (D) and surface 
exchange current (I0) of each sample were measured at RT according to previously described 
procedures [54] and are listed in Table 7. We found that while D values in the modified alloys are 
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procedures [54] and are listed in Table 7. We found that while D values in the modified alloys are 

Figure 9. Comparison of capacities obtained from gaseous phase and electrochemical
measurements. The gaseous phase capacity is converted by 1 wt% = 268 mAh¨ g´1.

In order to further study HRD performance, the bulk diffusion constant (D)
and surface exchange current (I0) of each sample were measured at RT according to
previously described procedures [54] and are listed in Table 7. We found that while
D values in the modified alloys are higher than the base alloy, the opposite is true for
I0 values (except for alloy P41 (Nb)). The increase in the degree of disorder, achieved
by introducing an additional element, facilitates the diffusion of hydrogen in the
bulk; the decrease in the V-content with a high leaching rate in KOH [55] impedes
the surface reaction, except for substitutions with Nb, which is in the same column
of V and is expected to have a high corrosion rate in KOH solution. It is difficult to
attribute the large decrease observed in I0 to a 1% decrease in V-content, which will
be discussed in the next session. The deterioration of HRD with various additives is
mainly due to the decrease in surface electrochemical reaction activity.
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Table 7. Summary of electrochemical properties. Cap100 and Cap8 are discharge
capacities measured for discharge currents at 100 mA¨ g´1 and 8 mA¨ g´1,
respectively. HRD100 is the ratio of capacities measured at 100 mA¨ g´1 and
8 mA¨ g´1. RT: room temperature; and OCV: open circuit voltage.

Alloy
Cap100 at
5th Cycle

(mAh¨g´1)

Cap8 at 5th
Cycle

(mAh¨g´1)

HRD100
(Cap100/Cap8)

Activation Cycle
to Reach

Maximum
Capacity

Diffusion
Coefficient, D @RT

(10´10 cm2¨s´1)

Exchange
Current Io

@RT (mA¨ g´1)

OCV
(V)

P17 374.0 397.4 0.948 7 1.69 36.5 1.302
P38 332.6 399.0 0.834 10 2.24 22.3 1.303
P39 360.3 402.1 0.896 4 1.81 35.6 1.311
P40 300.2 389.9 0.770 7 1.75 15.0 1.258
P41 362.5 392.9 0.922 5 2.49 37.6 1.319
P42 351.5 392.4 0.896 7 2.27 19.6 1.258
P43 332.6 382.1 0.870 5 2.57 19.2 1.237
P44 346.1 399.2 0.868 4 1.99 15.4 1.266

The OCV was measured at a state-of-charge of 50% and results are listed in
Table 7. Theoretically, OCV can be related to the equilibrium pressure in the gaseous
phase through the Nernst equation:

OCV pvs. NiOOH at 0.36 Vq “ 1.294 ` 0.029logppH2q r7s (4)

However, the plot of the desorption pressure versus OCV, as shown in Figure 10,
does not follow the trend where higher pressure corresponds to higher OCV, as
indicated in Equation (4). However, the OCV in this study seems to correlate
closely with the maximum hydrogen storage in the gaseous phase (Figure 10). The
alloys with higher OCV show smaller gaseous phase H-storage capacities. Similar
phenomena have been observed previously, but were tied to the change in plateau
pressure and strength of M–H bonding [56].
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considered to be the catalytic phase (Zr2Ni7, for example [57]). In the case of funneling phenomenon, 
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to move hydrogen in and out of the alloy [2]. In the case of Laves phase-related BCC MH alloy, the 
BCC phase is considered to be the main storage phase; although it has a large hydrogen storage 
capacity, it has limited absorption/desorption kinetics that require an additional catalytic phase to 
facilitate the hydrogen storage process [58]. Therefore, both C14 and TiNi were considered to be 
catalytic phases in this family of alloys [32–36]. However, the ∆H values estimated from Equation (3) 
for the C14 and TiNi phases are much lower than those of the BCC phase, and the visible plateau in 
the pressure between 0.1 MPa and 1 MPa was assigned to the BCC phase. It is necessary to verify the 
correctness of such an assignment. 

In order to investigate the phase abundance evolution during both gaseous phase and 
electrochemical hydrogen absorption/desorption, an alloy with a target composition of P17 (Table 2) 
was reproduced through conventional induction melting. The XRD patterns from the as-prepared 
samples show an additional Ti2Ni phase (Figure 11a) which was not observed in the sample prepared 
by arc melting, due to different cooling rates (Figure 1). The Rietveld refinement indicates 
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4. Discussion

It is generally believed that in a multi-phase MH system the phase with a lower
plateau pressure and more negative ∆H is a main storage phase, which has a larger
hydrogen storage capacity (Zr7Ni10, for example [57]), and the secondary phase with
a higher plateau pressure and less negative ∆H is considered to be the catalytic phase
(Zr2Ni7, for example [57]). In the case of funneling phenomenon, the gaseous phase
hydrogen storage is accomplished with the catalytic phase as the necessary funnel to
move hydrogen in and out of the alloy [2]. In the case of Laves phase-related BCC
MH alloy, the BCC phase is considered to be the main storage phase; although it has
a large hydrogen storage capacity, it has limited absorption/desorption kinetics that
require an additional catalytic phase to facilitate the hydrogen storage process [58].
Therefore, both C14 and TiNi were considered to be catalytic phases in this family of
alloys [32–36]. However, the ∆H values estimated from Equation (3) for the C14 and
TiNi phases are much lower than those of the BCC phase, and the visible plateau
in the pressure between 0.1 MPa and 1 MPa was assigned to the BCC phase. It is
necessary to verify the correctness of such an assignment.

In order to investigate the phase abundance evolution during both gaseous
phase and electrochemical hydrogen absorption/desorption, an alloy with a target
composition of P17 (Table 2) was reproduced through conventional induction melting.
The XRD patterns from the as-prepared samples show an additional Ti2Ni phase
(Figure 11a) which was not observed in the sample prepared by arc melting, due
to different cooling rates (Figure 1). The Rietveld refinement indicates percentages
of 53.6% BCC, 29.4% TiNi, 10.8% Ti2Ni, and 6.2% C14 (Table 8). The sample was
activated in a 4 MPa hydrogen environment first and then degassed under vacuum
for 8 h at 300 ˝C. XRD analysis at this stage (Figure 11b) shows a shift for TiNi peaks
to lower angles, which indicates the presence of some hydrogen remaining in the
α-TiNi. The Rietveld refinement shows the β-phase (MH) of C14 and Ti2Ni. There
are still MH remaining in the alloy after 8 h of degassing. In order to understand the
cause of the remaining hydride after 8 h degassing, a discussion of two dissimilar
metals is necessary. When two metallic phases, M1 and M2, with different work
functions (differences between the electron potential in vacuum (EVAC) and the
Fermi level (EF)) are brought into contact (Figure 12b), there will be a small charge
transfer that builds a potential (contact potential), preventing electron flow from the
metal with a smaller work function (M2) into the metal with a larger work function
(M1). During the initial hydrogenation, the neutral hydrogen (proton plus a nearby
electron) will reside on the M1 side of the boundary. The extra electron brought by
proton will contribute to the conduction-band and raise the Fermi level, as shown in
Figure 12c [59]. These protons will stay balanced in equilibrium under vacuum. In the
case of MH, the hydrogen storage capability of a hydride former metal is related to
its own electron density. For the study in MH from elements, the heat of hydride
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formation (indicator for M–H bond strength) and the work function for the first row
of transition metals (from Sc to Ni) were plotted against their number of 3d electron
in Figure 13. As the number of electrons increases, the work function increases
due to the increase in the charge of the nucleus, and the host metal starts to resist
incorporation of extra electrons brought by the absorbed hydrogen and consequently
weakens the MH bond strength (less negative ∆H), with the exception of Mn. Mn
has an extraordinarily low work function due to its containing of the maximum
number of un-paired electrons (five) and also to a lower ∆H than predicted by the
trend. For MH from intermetallic alloys, the situation is the opposite. Comparing the
alloys LaNi2 and LaNi5, for example, the former has a lower electron density (lower
Ni-content), a lower EF (as M1 in Figure 13), and a tendency to trap the residual
hydrogen near the interface. According to Equation (3), LaNi2 (33% of La) has a
stronger MH bond strength compared to that of LaNi5 (16% of La). Therefore, we
believe the phase with a stronger MH bond will keep the MH (β-phase) during
a total degassing in vacuum. In this study, C14 and Ti2Ni are deemed to be the
phases with the strongest MH bond strength, which agrees with the prediction from
Equation (3). These pre-occupied sites at the grain boundary on the side with a
higher work function will act as the nucleation center for the β-phase growth (as
illustrated in Figure 14). Therefore, the PCT absorption/desorption hysteresis of a
single-phase AB5 MH alloy is always larger than that from a typical multi-phase AB2

MH alloy [7].

Table 8. Summary of the phase abundance of a P17 alloy prepared by
induction melting through various gaseous phases and electrochemical hydrogen
absorption/desorption processes.

Stage BCC C14 TiNi Ti2Ni

α β α β α β α β

Pristine 53.6 - 6.2 29.4 - 10.8
300 ˝C vacuum 54.0 - 3.0 2.0 30.6 - 4.2 6.2

0.005 MPa 51.7 - - 4.1 11.3 22.2 3.6 7.1
4 MPa 6.1 46.4 - 3.6 - 34.9 - 9.0

50% SOC 53.4 - - 5.1 0.7 32.0 - 8.8
100% SOC 29.5 21.1 - 4.7 - 36.5 - 8.2
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Figure 11. XRD patterns of a P17 alloy prepared by the conventional melt-and-cast process: (a) 
pristine; (b) hydrided at 4 MPa H2 gas and then degassed in vacuum for 8 h at 300 °C; (c) withdrawn 
from an equilibrium state with 0.005 MPa H2 pressure; and (d) pull-out from an equilibrium state with 
4 MPa H2 pressure, and the electrodes made from the same alloy with (e) 50% and (f) 100% state of 
charge achieved electrochemically. 

Figure 11. XRD patterns of a P17 alloy prepared by the conventional melt-and-cast
process: (a) pristine; (b) hydrided at 4 MPa H2 gas and then degassed in vacuum
for 8 h at 300 ˝C; (c) withdrawn from an equilibrium state with 0.005 MPa H2

pressure; and (d) pull-out from an equilibrium state with 4 MPa H2 pressure, and
the electrodes made from the same alloy with (e) 50% and (f) 100% state of charge
achieved electrochemically.
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Figure 13. A plot of the heat of hydride formation (data from [52]) and work function (data from [60]) 
vs. the number of 3d electrons for the first row of transition metal elements from Sc to Ni. 

A sample was removed from the PCT apparatus with an equilibrium hydrogen pressure of 0.005 
MPa, a pressure that separates the two plateaus in the PCT isotherms, as shown in Figure 5. From 
previous studies in BCC MH alloys, we believe the oxide layer formed at the alloy surface during the 
sudden exposure to air can prevent the loss of hydrogen into atmosphere [61]. Its XRD pattern is 
shown in Figure 11c, and the Rietveld analysis shows an unchanged BCC phase with 2/3 hydrided 
TiNi and Ti2Ni phase (Table 8) and demonstrates that the higher plateau (from 0.1 MPa to 1 MPa) 
belongs to the BCC phase. Another sample was removed at the maximum hydrogen pressure (4 
MPa). The XRD pattern of this sample shows a 90% transition from BCC (M) to FCC (MH) in the BCC 
phase and complete α- to β-phase transitions for the other three phases. 

Besides the phase transition in the gaseous phase hydrogen reaction, we also performed XRD 
analysis on two pieces of electrode made from the same P17 alloy by induction melting with 50% and 
100% state of charge (SOC). The resulting patterns are shown in Figures 11e,f. The Rietveld analysis 
shows a clear α-BCC phase and almost fully hydrided TiNi, Ti2Ni, and C14 phases for the 50% SOC 
sample, while a 40% hydrided BCC (β-BCC) phase with the other phases fully hydrided are seen for 
the 100% SOC. During charging, the phases with stronger MH bond strength (more negative ∆H) 
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Figure 13. A plot of the heat of hydride formation (data from [52]) and work
function (data from [60]) vs. the number of 3d electrons for the first row of transition
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were hydrided first, and BCC was charged last, as in the case of the gaseous phase reaction. The BCC 
phase was not hydrogenated before completion of hydride formation in other non-BCC phases. The 
BCC phase was never fully charged in the half-cell testing, due to the nature of the open-to-air 
configuration used in the electrochemical study. This explains the low electrochemical discharge 
capacity found in Figure 9, when compared to the gaseous phase maximum capacity. 

  
(a) (b) 

Figure 14. Comparison of hydrogen storage through (a) a gaseous phase reaction in a perfect single-
component system and (b) an electrochemical reaction in a two-phase system with different work 
functions (WM1 > WM2) at different states of charge (SOC). In this illustration, the M1 phase has a larger 
W than M2, and contains a small amount of hydride near the boundary, even at a very low SOC. The 
MH (β) phase nucleates from a randomly distributed proton (α) in the gaseous phase (left) that, 
during electrochemistry, starts from the remaining MH in the phase with a larger W near the grain 
boundary. 

There are some important differences in hydrogen storage between gaseous phase and 
electrochemistry, especially when the PCT isotherm (Figure 5) is compared with the electrochemical 
charge and discharge curves (Figure 15). While the gaseous hydrogen charging occurs through 
hydrogen gas molecule adsorption and splitting into two hydrogen atoms at the clean surface of 
metals (free from oxide), the electrochemical hydrogen charging is implemented by an applied 
voltage, which drives electrons into the negative electrode and leads to water splitting at the surface 
(which is typically covered with a thin oxide [62]). In PCT, hydrogen absorption can begin as soon as 
any amount of hydrogen gas is available. However, in the case of an electrochemical environment, a 
minimal voltage is required to generate enough of a strong electric field to split water into protons 
and hydroxide ions. Also in PCT, the equilibrium pressure depends only on the concentration of 
hydrogen in the MH; the electrochemical voltage is mainly determined by the surface reaction and 
thus a sudden change in the charge voltage profile is not seen when the active storing material 
switches from one phase into another one (at approximately 50% SOC). The discharge processes 
between the gaseous phase and electrochemistry are also different. For the gaseous phase, the 
movement of proton is influenced by diffusion and an equilibrium is reached when the same amount 
of hydrogen gas leaves and enters the metal. The electrochemical case is far more complicated. During 
discharge, the electron moves away from the MH alloy into the current collector, which forces the 
proton to move in the opposite direction, reaching the surface. Unless the surface recombination of 
either proton-hydroxide or proton-oxygen is very slow (which is unlikely) and there is a large 
number of protons accumulated at the electrolyte interface, the proton should continue to arrive at 
the interface to reach charge neutrality. Energy is gained from both the reduction in number of 
electrons in the metal system and the dehydride process. Therefore, there is no sudden drop in the 
discharge voltage profile when the system finishes discharging for one phase and starts the discharge 
for the next phase. This finding is very encouraging with regard to the electrochemical applications 
of MH alloys. In a multi-phase system, as long as there is an electrochemically active phase, the so 
called “irreversible” or “no participation” phases found in PCT can be fully utilized in the 

Figure 14. Comparison of hydrogen storage through (a) a gaseous phase reaction
in a perfect single-component system and (b) an electrochemical reaction in a
two-phase system with different work functions (WM1 > WM2) at different states
of charge (SOC). In this illustration, the M1 phase has a larger W than M2, and
contains a small amount of hydride near the boundary, even at a very low SOC.
The MH (β) phase nucleates from a randomly distributed proton (α) in the gaseous
phase (left) that, during electrochemistry, starts from the remaining MH in the
phase with a larger W near the grain boundary.

A sample was removed from the PCT apparatus with an equilibrium hydrogen
pressure of 0.005 MPa, a pressure that separates the two plateaus in the PCT
isotherms, as shown in Figure 5. From previous studies in BCC MH alloys, we
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believe the oxide layer formed at the alloy surface during the sudden exposure to
air can prevent the loss of hydrogen into atmosphere [61]. Its XRD pattern is shown
in Figure 11c, and the Rietveld analysis shows an unchanged BCC phase with 2/3
hydrided TiNi and Ti2Ni phase (Table 8) and demonstrates that the higher plateau
(from 0.1 MPa to 1 MPa) belongs to the BCC phase. Another sample was removed at
the maximum hydrogen pressure (4 MPa). The XRD pattern of this sample shows
a 90% transition from BCC (M) to FCC (MH) in the BCC phase and complete α- to
β-phase transitions for the other three phases.

Besides the phase transition in the gaseous phase hydrogen reaction, we also
performed XRD analysis on two pieces of electrode made from the same P17 alloy by
induction melting with 50% and 100% state of charge (SOC). The resulting patterns
are shown in Figure 11e,f. The Rietveld analysis shows a clear α-BCC phase and
almost fully hydrided TiNi, Ti2Ni, and C14 phases for the 50% SOC sample, while a
40% hydrided BCC (β-BCC) phase with the other phases fully hydrided are seen for
the 100% SOC. During charging, the phases with stronger MH bond strength (more
negative ∆H) were hydrided first, and BCC was charged last, as in the case of the
gaseous phase reaction. The BCC phase was not hydrogenated before completion of
hydride formation in other non-BCC phases. The BCC phase was never fully charged
in the half-cell testing, due to the nature of the open-to-air configuration used in
the electrochemical study. This explains the low electrochemical discharge capacity
found in Figure 9, when compared to the gaseous phase maximum capacity.

There are some important differences in hydrogen storage between gaseous
phase and electrochemistry, especially when the PCT isotherm (Figure 5) is compared
with the electrochemical charge and discharge curves (Figure 15). While the gaseous
hydrogen charging occurs through hydrogen gas molecule adsorption and splitting
into two hydrogen atoms at the clean surface of metals (free from oxide), the
electrochemical hydrogen charging is implemented by an applied voltage, which
drives electrons into the negative electrode and leads to water splitting at the surface
(which is typically covered with a thin oxide [62]). In PCT, hydrogen absorption
can begin as soon as any amount of hydrogen gas is available. However, in the
case of an electrochemical environment, a minimal voltage is required to generate
enough of a strong electric field to split water into protons and hydroxide ions. Also
in PCT, the equilibrium pressure depends only on the concentration of hydrogen in
the MH; the electrochemical voltage is mainly determined by the surface reaction
and thus a sudden change in the charge voltage profile is not seen when the active
storing material switches from one phase into another one (at approximately 50%
SOC). The discharge processes between the gaseous phase and electrochemistry
are also different. For the gaseous phase, the movement of proton is influenced by
diffusion and an equilibrium is reached when the same amount of hydrogen gas
leaves and enters the metal. The electrochemical case is far more complicated. During
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discharge, the electron moves away from the MH alloy into the current collector,
which forces the proton to move in the opposite direction, reaching the surface.
Unless the surface recombination of either proton-hydroxide or proton-oxygen is
very slow (which is unlikely) and there is a large number of protons accumulated
at the electrolyte interface, the proton should continue to arrive at the interface to
reach charge neutrality. Energy is gained from both the reduction in number of
electrons in the metal system and the dehydride process. Therefore, there is no
sudden drop in the discharge voltage profile when the system finishes discharging
for one phase and starts the discharge for the next phase. This finding is very
encouraging with regard to the electrochemical applications of MH alloys. In a
multi-phase system, as long as there is an electrochemically active phase, the so called
“irreversible” or “no participation” phases found in PCT can be fully utilized in the
electrochemical environment. This finding can be used to explain the unpredicted
high electrochemical capacity (compared to the gaseous phase capacities) observed
in multi-phase systems involving the Zr2Ni7 phase [8,9].
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Figure 15. The second cycle electrochemical charge and discharge voltage profiles for an electrode 
made from alloy P40. The smooth curves seen here are very different from the step-shape PCT 
isotherm shown in Figure 5. 
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Figure 15. The second cycle electrochemical charge and discharge voltage profiles
for an electrode made from alloy P40. The smooth curves seen here are very
different from the step-shape PCT isotherm shown in Figure 5.

With the knowledge that the visible plateaus of the PCT isotherm in the
0.1–1 MPa range originate entirely from the phase transition from BCC to FCC,
the mechanism of this step, at equilibrium pressure in pure BCC alloys [61,63], is
not well understood. Evidently, with synergetic effects through the non-BCC phases,
the intermediate body-centered-tetragonal (BCT) phase is skipped. Although the
hysteresis of the BCC phase is still very large (compared to all other MH alloy
families), it has been significantly reduced through the synergetic effects of the
non-BCC phases. In this study, it is clearly observed that, during hydrogenation,
the non-BCC phases hydrogenate first and expand the lattice on the non-BCC phase
side of the grain boundary. The lattice of the BCC phase is also pre-expanded before
hydrogenation by the stress from the hydride on the other side, which reduces the
energy barrier needed to expand the BCC lattice, and thus reduces the hysteresis and
changes the FCC β-phase directly.

305



After we identified BCC as the storage phase and the others (C14, TiNi, and
Ti2Ni) as the catalytic phase, a correlation study between the properties of the
constituent phases and the hydrogen storage characteristics (both in gaseous phase
and electrochemistry) was conducted; the results are summarized in Table 9. Those
with significant correlation (larger R2) are highlighted. There are two noticeable
correlations in the gaseous phase properties. The first is the reversible capacity,
which decreases with the increase in TiNi phase abundance and C14 unit cell volume
(Figure 16a). The former has already been explained by the TiNi phase being the
largest component in the lower plateau (not seen from the PCT isotherm in Figure 5)
and makes the largest contribution to the irreversible part of the gaseous phase
hydrogen storage capacity (Figure 6). The source of the latter correlation is less
clear. C14, although it has a relatively low ∆H, may be still a catalytic phase. With
the decrease in the unit cell volume, hydride from the C14 phase becomes less
stable and contributes positively to the reversible capacity of the storage phase (TiNi
and BCC). The second noticeable correlation found in the gaseous phase properties
is related to the PCT hysteresis—more precisely, the hysteresis of the BCC phase.
It has been found that the 30 ˝C PCT hysteresis increases with increasing TiNi phase
abundance and decreasing BCC phase abundance (Figure 16b). Many studies have
been conducted on the PCT hysteresis (for a review see [64]). It is generally accepted
that the PCT hysteresis is the elastic energy needed for the deformation of the lattice
near the α-β boundary. Higher PCT hysteresis in an MH alloy increases the difficulty
of hydrogenation. From this aspect, the BCC phase facilitates reaction, while TiNi
phase retards the hydrogenation of the BCC phase, which is very difficult to observe
from the large value of hysteresis since it involves phase changes from BCC to
FCC [6].

Table 9. Table of correlation coefficient (R2) between hydrogen storage properties
and phase component characteristics. Significant correlations are highlighted
in bold.

Property

Gaseous Phase Electrochemistry

Plateau
Pressure @30 ˝C

Plateau
Pressure @60 ˝C

Maximum
Capacity

Reversible
Capacity

PCT
Hysteresis

High-Rate
Discharge Capacity

Full Discharge
Capacity HRD

BCC, lattice constant 0.02 0.04 0.14 0.36 0.05 0.07 0.04 0.06

BCC, crystallite size 0.00 0.04 0.21 0.26 0.40 0.57 0.15 0.53

BCC, abundance 0.11 0.01 0.22 0.41 0.53 0.38 0.27 0.28

C14, unit cell volume 0.17 0.08 0.01 0.72 0.17 0.09 0.02 0.08

C14, crystallite size 0.31 0.32 0.13 0.00 0.04 0.04 0.00 0.06

C14, abundance 0.10 0.08 0.05 0.09 0.07 0.19 0.02 0.26

TiNi, lattice constant 0.03 0.05 0.13 0.26 0.08 0.17 0.05 0.16

TiNi, crystallite size 0.16 0.15 0.09 0.19 0.06 0.04 0.02 0.04

TiNi, abundance 0.02 0.00 0.31 0.57 0.66 0.64 0.15 0.59
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and facilitate more charge transfer between the two phases. The phase abundances from the three 
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Figure 16. Plots of (a) C14 unit cell volume and TiNi phase abundance vs. gaseous phase reversible 
capacity; (b) TiNi and BCC phase abundance vs. PCT hysteresis measured at 30 °C; (c) HRD vs. BCC 
phase crystallite size; and (d) TiNi, BCC, and C14 phase abundances vs. HRD. 

Figure 16. Plots of (a) C14 unit cell volume and TiNi phase abundance vs. gaseous
phase reversible capacity; (b) TiNi and BCC phase abundance vs. PCT hysteresis
measured at 30 ˝C; (c) HRD vs. BCC phase crystallite size; and (d) TiNi, BCC, and
C14 phase abundances vs. HRD.

As for correlation to the electrochemical properties, both the BCC crystallite size
and the TiNi phase abundance show significant correlation to the high-rate discharge
performance. A smaller crystallite in the BCC phase is more desirable, as it gives
better high-rate performance (Figure 16c). It is possible that smaller crystallite sizes
will generate more grain boundaries (shown in Figure 12c) and facilitate more charge
transfer between the two phases. The phase abundances from the three major phases
are plotted against HRD in Figure 16d. The general trends suggest that the BCC and
C14 phases are more beneficial to HRD, while the TiNi phase deteriorates it.

5. Conclusions

In this study on the synergetic effects in MH alloys, we challenge the argument
that the catalytic phase must have a weaker MH bond strength compared to that
in the main storage phase. The C14 phase, with an ostensibly stronger MH bond,
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contributes to the reversibility in the hydrogen storage of other storage phases. The
BCC phase, in a multi-phase system, demonstrates a relatively weak MH bond.
On the other hand, the TiNi phase, also with a strong MH bond, hinders the
hydrogenation of the BCC phase. The driving force for proton movement in the alloy
varies for gaseous phase and electrochemistry. The former occurs by diffusion and
the equilibrium with gaseous hydrogen at the clean surface, while the latter proceeds
via the electric field and the local distribution of valence electrons. The synergetic
effects in a multi-phase MH system can be explained by the pre-occupied hydrogen
sites on the side of the metal with a larger work function near the grain boundary.
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XRD X-ray diffraction
HRD High-rate dischargeability
ICP-OES Inductively coupled plasma-optical emission spectrometer
SEM Scanning electron microscopy
EDS Energy-dispersive spectroscopy
BEI Backscattering electrode image
TEM Transmission electron microscopy
e/a Average electron density
OCV Open-circuit voltage
EVAC Vacuum potential
EF Fermi level
W Work function
SOC State of charge

308



References

1. Visintin, A.; Peretti, A.A.; Fruiz, F.; Corso, H.L.; Triaca, W.E. Effect of additional catalytic
phases imposed by sintering on the hydrogen absorption behavior of AB2 type Zr-based
alloys. J. Alloys Compd. 2007, 428, 244–251.

2. Wong, D.F.; Young, K.; Nei, J.; Wang, L.; Ng, K.Y.S. Effects of Nd-addition on the
structural, hydrogen storage, and electrochemical properties of C14 metal hydride alloys.
J. Alloys Compd. 2015, 647, 507–518.

3. Boettinger, W.J.; Newbury, D.E.; Wang, K.; Bendersky, L.A.; Chiu, C.; Kattner, U.R.;
Young, K.; Chao, B. Examination of multiphase (Zr,Ti)(V,Cr,Mn,Ni)2 Ni-MH electrode
alloys: Part I. Dendritic solidification structure. Metall. Mater. Trans. A 2010, 41,
2033–2047.

4. Bendersky, L.A.; Wang, K.; Boettinger, W.J.; Newbury, D.E.; Young, K.; Chao, B.
Examination of multiphase (Zr,Ti)(V,Cr,Mn,Ni)2 Ni-MH electrode alloys: Part II.
Solid-state transformation of the interdendritic B2 phase. Metall. Mater. Trans. A 2010, 41,
1891–1906.

5. Liu, Y.; Young, K. Microstructure investigation on metal hydride alloys by electron
backscatter diffraction technique. Batteries 2016. submitted for publication.

6. Shen, H.; Young, K.; Bendersky, L.A. Clean grain boundary found in C14/bcc multi-phase
metal hydride alloys. Batteries 2016. submitted for publication.

7. Mosavati, N.; Young, K.; Meng, T.; Ng, K.Y.S. Electrochemical open-circuit voltage
and pressure-concentration-temperature isotherm comparison for metal hydride alloys.
Batteries 2016, 2.

8. Young, M.; Chang, S.; Young, K.; Nei, J. Hydrogen storage properties of ZrVxNi3.5´x

(x = 0.0–0.9) metal hydride alloys. J. Alloys Compd. 2013, 580, S171–S174.
9. Young, K.; Young, M.; Chang, S.; Huang, B. Synergetic effects in electrochemical

properties of ZrVxNi4.5´x (x = 0.0, 0.1, 0.2, 0.3, 0.4, and 0.5) metal hydride alloys. J. Alloys
Compd. 2013, 560, 33–41.

10. McCormack, M.; Badding, M.E.; Vyas, B.; Zahurak, S.M.; Murphy, D.W. The role of
microcracking in ZrCrNi hydride electrodes. J. Electrochem. Soc. 1996, 143, L31–L33.

11. Zhang, W.K.; Ma, C.A.; Yang, X.G.; Lei, Y.Q.; Wang, Q.D.; Lu, G.L. Influences of annealing
heat treatment on phase structure and electrochemical properties of Zr(MnVNi)2

hydrogen storage alloys. J. Alloys Compd. 1999, 293–295, 691–697.
12. Zhang, Q.A.; Lei, Y.Q.; Yang, X.G.; Ren, K.; Wang, Q.D. Annealing treatment of AB2-type

hydrogen storage alloys: II. Electrochemical properties. J. Alloys Compd. 1999, 292,
241–246.

13. Bououdina, M.; Lenain, C.; Aymard, L.; Soubeyroux, J.L.; Fruchart, D. The effects of
heat treatments on the microstructure and electrochemical properties of the ZrCr0.7Ni1.3

multiphase alloy. J. Alloys Compd. 2001, 327, 178–184.
14. Rongeat, C.; Roué, L. On the cycle life improvement of amorphous MgNi-based alloy for

Ni-MH batteries. J. Alloys Compd. 2005, 404–406, 679–681.

309



15. Sun, J.C.; Li, S.; Ji, S.J. The effects of the substitution of Ti and La for Zr
in ZrMn0.7V0.2Co0.1Ni1.2 hydrogen storage alloys on the phase structure and
electrochemical properties. J. Alloys Compd. 2007, 446–447, 630–634.

16. Ruiz, F.C.; Castro, E.B.; Real, S.G.; Peretti, H.A.; Visintin, A.; Triaca, W.E. Electrochemical
characterization of AB2 alloys used for negative electrodes in Ni/MH batteries. Int. J.
Hydrog. Energy 2008, 33, 3576–3580.

17. Ruiz, F.C.; Peretti, H.A.; Visintin, A.; Real, S.G.; Castro, E.B.; Corso, H.L. Effect of thermal
treatment on the electrochemical hydrogen absorption of ZrCrNi alloy. J. New Mater.
Electrochem. Syst. 2007, 10, 249–254.

18. Ruiz, F.C.; Castro, E.B.; Peretti, H.A.; Visintin, A. Study of the different ZrxNiy phases of
Zr-based AB2 materials. Int. J. Hydrog. Energy 2010, 35, 9879–9887.

19. Young, K.; Ouchi, T.; Liu, Y.; Reichman, B.; Mays, W.; Fetcenko, M.A. Structural and
electrochemical properties of TixZr7–xNi10. J. Alloys Compd. 2009, 480, 521–528.

20. Young, K.; Ouchi, T.; Huang, B.; Chao, B.; Fetcenko, M.A.; Bendersky, L.A.; Wang, K.;
Chiu, C. The correlation of C14/C15 phase abundance and electrochemical properties in
the AB2 alloys. J. Alloys Compd. 2010, 506, 841–848.

21. Young, K.; Nei, J.; Ouchi, T.; Fetcenko, M.A. Phase abundances in AB2 metal hydride
alloys and their correlations to various properties. J. Alloys Compd. 2011, 509, 2277–2284.

22. Young, K.; Chao, B.; Bendersky, L.A.; Wang, K. Ti12.5Zr21V10Cr8.5MnxCo1.5Ni46.5–x

AB2-type metal hydride alloys for electrochemical storage application: Part 2. Hydrogen
storage and electrochemical properties. J. Power Sources 2012, 218, 487–494.

23. Pei, L.; Han, S.; Hu, L.; Zhao, X.; Liu, Y. Phase structure and hydrogen storage properties
of LaMg3.93Ni0.21 alloy. J. Rare Earths 2012, 30, 534–539.

24. Young, K.; Chao, B.; Huang, B.; Nei, J. Studies on the hydrogen storage characteristic of
La1–xCex(NiCoMnAlCuSiZr)5.7 with a B2 secondary phase. J. Alloys Compd. 2015, 585,
760–770.

25. Wang, Y.; Zhao, M. Electrochemical characteristics and synergetic effect of
Ti0.10Zr0.15V0.35Cr0.10Ni0.30-10 wt.% LaNi5 hydrogen storage composite electrode. J. Rare
Earths 2012, 30, 146–150.

26. Nei, J.; Young, K.; Salley, S.O.; Ng, K.Y.S. Effects of annealing on Zr8Ni19X2 (X = Ni, Mg,
Al, Sc, V, Mn, Co, Sn, La, and Hf): Hydrogen storage and electrochemical properties.
Int. J. Hydrog. Energy 2012, 37, 8414–8427.

27. Young, K.; Ouchi, T.; Huang, B. Effects of various annealing conditions on (Nd, Mg,
Zr)(Ni, Al, Co)3.74 metal hydride alloys. J. Power Sources 2014, 248, 147–153.

28. Zhang, L.; Chen, L.; Xiao, X.; Chen, Z.; Wang, S.; Fan, X.; Li, S.; Ge, H.; Wang, Q.
Superior dehydrogenation performance of nanoscale lithium borohydride modified with
fluorographite. Int. J. Hydrog. Energy 2014, 39, 896–904.

29. Zhang, L.; Zheng, J.; Chen, L.; Xiao, X.; Qin, T.; Jiang, Y.; Li, S.; Ge, H.; Wang, Q.
Remarkable enhancement in dehydrogenation properties of Mg(BH4)2 modified by
the synergetic effect of fluorographite and LiBH4. Int. J. Hydrog. Energy 2015, 40,
14163–14172.

310



30. Zhou, C.; Fang, Z.Z.; Sun, P. An experimental survey of additives for improving
dehydrogenation properties of magnesium hydride. J. Power Sources 2015, 278, 38–42.

31. Young, K.; Ng, K.Y.S.; Bendersky, L.A. A Technical Report of the Robust Affordable Next
Generation Energy Storage System-BASF Program. Batteries 2016, 2.

32. Young, K.; Nei, J.; Wong, D.; Wang, L. Structural, hydrogen storage, and electrochemical
properties of Laves-phase related body-centered-cubic solid solution metal hydride
alloys. Int. J. Hydrog. Energy 2014, 39, 21489–21499.

33. Young, K.; Wong, D.F.; Wang, L. Effect of Ti/Cr content on the microstructures and
hydrogen storage properties of Laves phase-related body-centered-cubic solid solution
alloys. J. Alloys Compd. 2015, 622, 885–893.

34. Young, K.; Ouchi, T.; Nei, J.; Wang, L. Annealing effects on Laves phase-related
body-centered-cubic solid solution metal hydride alloys. J. Alloys Compd. 2016, 654,
216–225.

35. Young, K.; Ouchi, T.; Nei, J.; Meng, T. Effects of Cr, Zr, V, Mn, Fe, and Co to the hydride
properties of Laves phase-related body-centered-cubic solid solution alloys. J. Power
Sources 2015, 281, 164–172.

36. Young, K.; Wong, D.F.; Nei, J. Effects of vanadium/nickel contents in Laves phase-related
body-centered-cubic solid solution metal hydride alloys. Batteries 2015, 1, 34–53.

37. Young, K.; Ouchi, T.; Huang, B.; Fetcenko, M.A. Effects of B, Fe, Gd, Mg, and C on the
structure, hydrogen storage, and electrochemical properties of vanadium-free AB2 metal
hydride alloy. J. Alloys Compd. 2012, 511, 242–250.

38. Chang, S.; Young, K.; Ouchi, T.; Meng, T.; Nei, J.; Wu, X. Studies on incorporation of Mg
in Zr-based AB2 metal hydride alloys. Batteries 2016, 2.

39. Gakkai, N.K. Hi Kagaku Ryouronteki Kinzoku Kagobutu; Maruzen: Tokyo, Japan, 1975;
p. 296. (In Japanese)

40. Young, K.; Ouchi, T.; Huang, B.; Reichman, B.; Fetcenko, M.A. Effect of
molybdenum content on structural, gaseous storage, and electrochemical properties
of C14-predominant AB2 metal hydride alloys. J. Power Sources 2011, 196, 8815–8821.

41. Young, K.; Wong, D.F.; Nei, J.; Reichman, B. Electrochemical properties of
hypo-stoichiometric Y-doped AB2 metal hydride alloys at ultra-low temperature. J. Alloys
Compd. 2015, 643, 17–27.

42. Young, K.; Fetcenko, M.A.; Li, F.; Ouchi, T.; Koch, J. Effect of vanadium substitution
in C14 Laves phase alloys for NiMH battery application. J. Alloys Compd. 2009, 468,
482–492.

43. Wong, D.F.; Young, K. Density function theory calculation of defects in Zr-Ni intermetallic
compounds. Batteries 2016. to be submitted for publication.

44. Johnston, R.L.; Hoffmann, R. Structure-bonding relationships in the Laves phase.
Z. Anorg. Allg. Chem. 1992, 616, 105–120.

45. Nei, J.; Young, K.; Salley, S.O.; Ng, K.Y.S. Determination of C14/C15 phase abundance in
Laves phase alloys. Mater. Chem. Phys. 2012, 136, 520–527.

311



46. Young, K.; Ouchi, T.; Huang, B.; Reichman, B.; Blankenship, R. Improvement in ´40 ˝C
electrochemical properties of AB2 metal hydride alloy by silicon incorporation. J. Alloys
Compd. 2013, 575, 65–72.

47. Young, K.; Ouchi, T.; Reichman, B.; Koch, J.; Fetcenko, M.A. Effects of Mo additive on the
structural and electrochemical properties of low-temperature AB5 metal hydride alloys.
J. Alloys Compd. 2011, 509, 3995–4001.

48. Schwarz, R.B.; Khachaturyan, A.G. Thermodynamics of open two-phase systems with
coherent interfaces: Application to metal–hydrogen systems. Acta Mater. 2006, 54,
313–323.

49. Lexcellent, Ch.; Gondor, G. Analysis of hydride formation for hydrogen storage:
Pressure-composition isotherm curves modeling. Intermetallic 2007, 15, 934–944.

50. Osumi, Y. Suiso Kyuzou Goukin–Sono Bussei to Ouyou; Agne Gijutsu Center Inc.: Tokyo,
Japan, 1993; p. 57. (In Japanese)

51. De Boer, F.R.; Boom, R.; Mattens, W.C.M.; Miedema, A.R.; Niessen, A.K. Cohesion in Metal
Transition Metal Alloys; North-Holland Physics Publishing: Amsterdam, The Netherlands,
1989; Volume 1, p. 150.

52. Griessen, R.; Riesterer, T. Heat of Formation Models. In Hydrogen in Intermetallic
Compounds I Electronic, Thermodynamic, and Crystallographic Properties, Preparation;
Schlapbach, L., Ed.; Springer-Verlag: Berlin, Germany, 1988; p. 267.

53. Li, F.; Young, K.; Ouchi, T.; Fetcenko, M.A. Annealing effects on structural and
electrochemical properties of (LaPrNdZr)0.83Mg0.17(NiCoAlMn)3.3 alloy. J. Alloys Compd.
2009, 471, 371–377.

54. Young, K.; Fetcenko, M.A.; Li, F.; Ouchi, T. Structural, thermodynamic, and
electrochemical properties of TixZr1–x(VNiCrMnCoAl)2 C14 Laves phase alloys.
J. Alloys Compd. 2008, 464, 238–247.

55. Young, K.; Huang, B.; Regmi, R.K.; Lawes, G.; Liu, Y. Comparisons of metallic clusters
imbedded in the surface oxide of AB2, AB5, and A2B7 alloys. J. Alloys Compd. 2010, 506,
831–840.

56. Wang, L.; Young, K.; Meng, T.; Ouchi, T.; Yasuoka, S. Partial substitution of cobalt for
nickel in mixed rare earth metal based superlattice hydrogen absorbing alloy—Part 1
structural, hydrogen storage and electrochemical properties. J. Alloys Compd. 2016, 660,
407–415.

57. Joubert, J.M.; Latroche, M.; Percheron-Guégan, A. Hydrogen absorption properties of
several intermetallic compounds of the Zr-Ni system. J. Alloys Compd. 1995, 31, 494–497.

58. Qiu, S.; Chu, H.; Zhang, Y.; Sun, D.; Song, X.; Sun, L.; Xu, F. Electrochemical kinetics
and its temperature dependence behaviors of Ti0.17Zr0.08V0.35Cr0.10Ni0.30 alloy electrode.
J. Alloys Compd. 2009, 471, 453–456.

59. Gupta, M.; Schlapbach, L. Electronic Properties. In Hydrogen in Intermetallic Compounds I:
Electronic, Thermodynamic, and Crystallographic Properties, Preparation; Schlapbach, L., Ed.;
Springer-Verlag: Berlin, Germany, 1988; pp. 139–216.

312



60. Drummond, T.J. Work Functions of the Transition Metals and Metal Silicides; No.
SAND99-0391J. Sandia National Labs.: Albuquerque, NM, USA; Livermore, CA,
USA. Available online: http://www.osti.gov/scitech/biblio/3597/ (accessed on
20 February 2016).

61. Young, K.; Fetcenko, M.A.; Ouchi, T.; Im, J.; Ovshinsky, S.R.; Li, F.; Reinhout, M.
Hydrogen Storage Materials Having Excellent Kinetics, Capacity, and Cycle Stability.
U.S. Patent 7,344,676, 18 March 2008.

62. Young, K.; Chao, B.; Liu, Y.; Nei, J. Microstructures of the oxides on the activated AB2

and AB5 metal hydride alloys surface. J. Alloys Compd. 2014, 606, 97–104.
63. Young, K.; Ouchi, T.; Huang, B.; Nei, J. Structure, hydrogen storage, and electrochemical

properties of body-centered-cubic Ti40V30Cr15Mn13X2 alloys (X = B, Si, Mn, Ni, Zr, Nb,
Mo, and La). Batteries 2015, 1, 74–90.

64. Young, K.; Ouchi, T.; Fetcenko, M.A. Pressure-composition-temperature hysteresis in C14
Laves phase alloys: Part 1. Simple ternary alloys. J. Alloys Compd. 2009, 480, 428–433.

313

http://www.osti.gov/scitech/biblio/3597/


First-Principles Point Defect Models for
Zr7Ni10 and Zr2Ni7 Phases
Diana F. Wong, Kwo-Hsiung Young, Taihei Ouchi and K. Y. Simon Ng

Abstract: Synergetic effects in multi-phased AB2 Laves-phase-based metal hydride
(MH) alloys enable the access of high hydrogen storage secondary phases, despite
the lower absorption/desorption kinetics found in nickel/metal hydride (Ni/MH)
batteries. Alloy design strategies to further tune the electrochemical properties of
these secondary phases include the use of additives and processing techniques to
manipulate the chemical nature and the microstructure of these materials. It is
also of particular interest to observe the engineering of constitutional point defects
and how they may affect electrochemical properties and performance. The Zr7Ni10

phase appears particularly prone to point defects, and we use density functional
theory (DFT) calculations coupled with a statistical mechanics model to study the
theoretical point defects. The Zr2Ni7 phase appears less prone to point defects, and
we use the Zr2Ni7 point defect model, as well as experimental lattice parameters,
with Zr7Ni10 phases from X-ray diffraction (XRD) as points of comparison. The
point defect models indicate that anti-site defects tend to form in the Zr7Ni10 phase,
and that these defects form more easily in the Zr7Ni10 phase than the Zr2Ni7 phase,
as expected.

Reprinted from Batteries. Cite as: Wong, D.F.; Young, K.-H.; Ouchi, T.; Ng, K.Y.S.
First-Principles Point Defect Models for Zr7Ni10 and Zr2Ni7 Phases. Batteries 2016,
2, 23.

1. Introduction

Nickel/metal hydride (Ni/MH) batteries utilizing multi-phased AB2

Laves-phase-based metal hydride (MH) alloy active materials leverage the synergetic
effects between secondary phases and the main Laves phases to allow access
to the high hydrogen storage of the secondary phases, such as Zr7Ni10, despite
their lower absorption/desorption kinetics [1–5]. The Zr2Ni7 phase, on the other
hand, has excellent absorption/desorption kinetics, but poor hydrogen storage
capacity [4,6]. Modifiers to the Zr-Ni alloys, including Ti in TixZr7´xNi10, have
shown improvements in diffusion to help the kinetics [5], and V in ZrVxNi3.5´x has
shown improvements in capacity [6]. In addition to modifiers, constitutional defect
structures in the alloys may also affect mechanical and electrochemical properties.
Defects, including vacancies, can act to trap hydrogen and inhibit the transport of
hydrogen through the alloy [7]. In addition, other defects, such as anti-sites, can
promote lower atomic packing ratios, which can improve the cycling capability due
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to a higher propensity to deform rather than to crack [8,9]. The ability to tune the ratio
between hydride formers, such as Zr, and hydride modifiers, such as Ni, as well as
to add other modifiers while maintaining the structure of the alloys is an important
feature for designing battery materials targeting a specific application, and can
strongly affect battery performance properties [10–13]. We have constructed point
defect models for the Zr7Ni10 and Zr2Ni7 phases from first-principle calculations to
lay the groundwork for examining how structure and defects can affect properties
that can be linked to Ni/MH battery performance, adding another dimension to
consider in the design of negative active materials. Some comparison to experimental
lattice parameters show a consistency with predicted defected structures and c/b
lattice ratio trends.

2. Computational Details

Point defect models for intermetallics have been constructed and studied in
the literature for binary compounds, such as ZrNi [14], FeAl [15,16], NiAl [17], and
NiAl3 [18]. We apply similar techniques and assumptions to construct the point defect
models for the Zr7Ni10 and Zr2Ni7 phases (each with Zr-rich, stoichiometric, and
Ni-rich cases); statistical mechanics use defect formation energies and the formation
of defect combinations while preserving the targeted phase composition to provide
defect compositions that minimize the potential energy of the system, and density
functional theory (DFT) calculations supply the defect formation energies needed in
the statistical mechanics model. The details in constructing the point defect models
are described in Appendix. The fsolve function from the SciPy library for Python
was used to solve the equations generated for vacancies and anti-site defects for
each sublattice, defined by the equivalent atom sites in Zr7Ni10 and Zr2Ni7 phases
(e.g., 4a sites comprise a single sublattice). We neglected dumbbell and interstitial
defects, due to the limited space available near each of the sites. LaNi5 is known
to form dumbbell interstitials due to the hexagon-shaped holes above and below
La on the z = 0 plane [19]. Ni–Ni distances across the hexagon vertices measure
~5.1 Å across with Ni–Ni bond lengths of ~2.5 Å. Holes or spaces near the Zr local
environment in Zr7Ni10 and Zr2Ni7 phases are typically pentagon- or square-shaped,
with vertices measuring 3.8–4.7 Å and Ni-Ni bond lengths measuring ~2.6–2.8 Å.
Defect concentrations and effective formation energies were calculated at a reference
temperature of 1000 ˝C, a temperature near the melting points for the Zr7Ni10

and Zr2Ni7 systems [20]. When precision limitations were encountered in Python
(typically at low temperature, which results in extremely low defect concentrations),
the logarithmic terms containing defect concentration variables were analyzed and
dropped when low concentration assumptions were valid.

Electronic structure calculations were performed using the plane-wave-based
DFT code implemented in Quantum ESPRESSO (Version 5.1.0, Quantum ESPRESSO
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Foundation, London, UK) [21] and ultra-soft pseudopotentials from the Garrity–
Bennett–Rabe–Vanderbilt (GBRV) Pseudopotential Library (Piscataway, NJ, USA) [22].
The exchange–correlation potential applied the Perdew–Burke–Ernzerhof (PBE)
version of the generalized gradient approximation [23]. The recommended
plane-wave cutoff energy of 40 Ry and charge-density cutoff energy of 120 Ry allowed
convergence within 1 ˆ 10´5 Ry/atom of the energy. A Methfessel–Paxton smearing
width of 0.02 Ry with a Monkhorst–Pack k-point grid that yields 100–200 k-points
also met convergence criteria with reasonable speed [24,25]. Spin-polarization was
not included in the calculations, as differences in energies and stresses were low
(<0.5 kbar) when included in the base equilibrium structures.

Cell structural optimizations for a given composition and structure were
conducted by a variable cell relaxation calculation that minimizes forces and
stresses within the cell. Symmetry of the cell was conserved during the structural
optimizations based on a starting input structure. Non-defected structures preserved
the symmetry based on starting experimental values. Using the optimized
non-defected structure as a base, we removed or substituted atoms to create starting
input values for the defected structures. The cell is considered optimized when
forces were below 1 ˆ 10´3 Ry/Å, the minimum energy converged at below
1 ˆ 10´5 Ry/atom, and stresses converged within 0.5 kbar.

The Zr7Ni10 phase has an orthorhombic structure and can sometimes occur as
a metastable tetragonal phase [5,26,27]. It was originally reported to have space
group symmetry Aba2 [28,29] and has since been revised to have space group
symmetry Cmca [30]. Its crystal structure is shown in Figure 1a, rendered using
VESTA Graphical Software (Version 3.2.1, Momma and Izumi, Tsukuba, Japan) [31].
It contains 68 atoms per unit cell (Z = 4 formula units) with experimental parameters
a = 12.381 Å, b = 9.185 Å, and c = 9.221 Å [30]. The unit cell contains four equivalent
Zr atoms in the 4a, 8d, 8e, and 8f 1 positions and three equivalent Ni atoms in the
8f 2, 16g1, and 16g2 positions. A supercell was not constructed due to the inherent
large size of the cell. The structure with the space group Aba2 was evaluated for the
calculation and allowed to relax, yielding the energy of the non-defected structure.
Point defects involving all equivalent sites of the optimized non-defected structure
were also evaluated, obtaining the energy of each defected structure after relaxation.

The Zr2Ni7 phase is monoclinic, and its crystal structure is shown in Figure 1b.
It contains 36 atoms per unit cell (Z = 4) with experimental parameters a = 4.698 Å,
b = 8.235 Å, c = 12.193 Å and β = 95.83˝ [32]. It contains two equivalent Zr atoms
in the 4i1 and 4i2 positions and four equivalent Ni atoms in the 4i3, 8j1, 8j2, and
8j3 positions. A 2 ˆ 1 ˆ 1 supercell containing 72 atoms was constructed to reduce
interactions for the defects in adjacent cells. Point defects involving all equivalent
sites were evaluated to obtain the energy of each defected structure after relaxation.
The structures for ZrNi5 (cubic AuBe5 structure [33]), Zr8Ni21 (triclinic Hf8Ni21
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structure [34]), and ZrNi (orthorhombic CrB structure [35]) were also optimized to
calculate the energies that define the tie lines for the formation energy diagrams.
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Figure 1. Unit-cell crystal structures for (a) Zr7Ni10 and (b) Zr2Ni7.

The point defect model is developed for stoichiometric and near stoichiometric
compositions in which assumptions for low defect concentrations are valid and
interactions between defects are considered negligible. Defect concentrations beyond
~1% concentration would require a new model that considers defect interactions and
the dependence of defect formation energy parameters on defect concentration.

3. Experimental Setup

Lattice parameters shrink with vacancy-predominant defects, and grow with
certain anti-site defects (e.g., Zr Ñ Ni anti-site defects). Experimental lattice
parameters offer some evidence of the consistency of the Zr7Ni10 point defect
model. An arc melting process under continuous argon flow with a non-consumable
tungsten electrode and water-cooled copper tray was used to prepare Zr-rich and
Ni-rich Zr7Ni10 ingot samples. Before each arc melt, a piece of sacrificial titanium
was repeatedly melted and cooled for several cycles to reduce the residual oxygen
concentration in the system. Similarly, each 5 g ingot was turned over, melted, and
cooled several times to ensure uniformity in the chemical composition. A Rigaku
Miniflex X-ray diffractometer (XRD, Rigaku, Tokyo, Japan) was used to study the
phase component. JEOL-JSM32C and JEOL-JSM6400 scanning electron microscopes
(SEM, JEOL, Tokyo, Japan) with energy dispersive spectroscopy (EDS) were applied
to investigating the phase distribution and composition.
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4. Results and Discussion

4.1. Theoretical Point Defects in Zr7Ni10

DFT calculation of the Zr7Ni10 phase in the space group Aba2 results in
a relaxed structure with a space group Cmca symmetry. The calculated lattice
parameters are shown in Table 1, with comparative experimental lattice parameters.
The lattice parameters show reasonable agreement with the experiment results,
although the calculated structure appears to converge to a near tetragonal unit
cell. This near tetragonal structure differs from the tetragonal meta-stable phase
observed experimentally after hydrogenation–dehydrogenation of Zr7Ni10 alloys;
the dehydrogenated Zr7Ni10 alloy has a smaller lattice parameter (a = b = 6.496 Å)
with different symmetry [5,26,27]. Constitutional point defects may play a role in
the different structures that were observed and calculated for the Zr7Ni10 phase, for
example, by introducing distortion to the lattice that favors the orthorhombic unit
cell. Defects and distortion to the crystal lattice may promote diffusion kinetics for
improved rate performance and access to hydrogen storage capacity if energy barriers
between hydrogen sites are lowered with the defects/distortion. We examine the
relative ease with which defects can form by first calculating the DFT defect formation
energies for the Zr7Ni10 phase.

Table 1. Zr7Ni10 unit-cell lattice parameters.

Parameter This Work References [28,29] Reference [30]

Space group Cmca Aba2 Cmca
a (Å) 12.419 12.386 12.381
b (Å) 9.179 9.156 9.185
c (Å) 9.180 9.211 9.221

Unit-cell
volume (Å3) 1046.5 1044.6 1048.6

4.1.1. Density Functional Theory Defect Formation Energies

Ground state DFT formation energies (at T = 0 K) for Zr7Ni10 phase and the
theoretical NiÑ Zr anti-site, Zr vacancy, Ni vacancy, and ZrÑNi anti-site defects
are plotted in Figure 2 with the tie lines to the neighboring compounds Zr8Ni21 and
ZrNi. The formation energies were calculated using following the equation:

∆H f “
E pZrnNimq ´

n
2 E pZr2q ´

m
4 E pNi4q

n`m
(1)

where E(ZrnNim) is the energy of the Zr-Ni compound in the structure of interest,
E(Zr2) is the energy of Zr in hexagonal close-packed structure, and E(Ni4) is the
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energy of Ni in a face-centered-cubic structure. Tie lines connect the ground state
DFT formation energies of neighboring equilibrium structures (e.g., Zr7Ni10 and
Zr8Ni21 phases), and represent the ground state energies of phase mixtures based
on the overall Zr content (as opposed to a single phase with the same Zr content
containing vacancy/anti-site defects). All of the defect energies at 0 K lie above the
stoichiometric compound, as well as above the tie lines, indicating energy is required
for the defects to form, and that the defects are in competition with formation of
phases or mixtures of phases. There can be a large difference in formation energies
between the investigated sublattice sites, and each type of defect appears to prefer
different sites. Out of the Zr sublattices, the Ni Ñ Zr anti-site defect appears to
preferentially form on the 8e sublattice, while the Zr vacancy defect appears to
prefer the 4a sublattice. For the Ni sublattices, the Ni vacancy defect appears to
preferentially form on one of the 16g sublattices, while the ZrÑNi anti-site defect
appears to preferentially form on the 8f 2 sublattice. Note that defect formation
energies on the 16g1 and 16g2 sublattices are similar and appear indistinguishable in
Figure 2.
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Figure 2. Density functional theory (DFT) formation energies for Zr7Ni10 and its
point defects with tie lines.

The model considers the effects of the heat of mixing, entropy, vibrational
energy, and defect interaction on the free energy of each of the possible phases to
be negligible, and a more comprehensive study of the point defect models could
consider the effect of defect interactions. However, the DFT formation energies
indicate that, out of the defects considered, the 8e Ni Ñ Zr anti-site and the 8f 2

ZrÑNi anti-site defects are the most stable of the point defects for the Zr7Ni10 phase.
However, since the Zr7Ni10 phase is an ordered, binary compound, a mixture of
all point defects is necessarily generated in order to maintain bulk homogeneity
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and required stoichiometry, and this is addressed by the statistical mechanics model
(see Appendix).

4.1.2. Theoretical Effective Defect Formation Model

The theoretical defect concentrations for Zr7Ni10 phase at 1000 ˝C calculated
from the statistical mechanics model using defect energy parameters derived from
DFT calculations are plotted as functions of Zr-content for stoichiometric and
theoretical off-stoichiometric compositions in Figure 3. Concentrations of defects
for each of the different site sublattices were generated and combined to give a total
concentration for a defect on the atomic sublattice. The A atoms represent Zr and
the B atoms represent Ni in the binary statistical mechanics model, where cZr

v is the
concentration of vacancies of the Zr sublattices, cNi

v is the concentration of vacancies
of the Ni sublattices, cZr

Ni is the concentration of total NiÑ Zr anti-site defects, and
cNi

Zr is the concentration of total ZrÑ Ni anti-site defects.
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Figure 3. Theoretical defect concentrations for Zr7Ni10 at 1000 ˝C.

The stoichiometric Zr7Ni10 phase at 1000 ˝C is dominated by NiÑ Zr and ZrÑ
Ni anti-site defects in an approximately 1:1 ratio. Zr-rich compositions promote more
defects of the Ni sublattices, particularly ZrÑ Ni anti-site defects. NiÑ Zr anti-site
defects dominate the analysis for Ni-rich compositions, and while the concentration
of Zr vacancies increases, it does not approach the concentrations of the other defects.
Each of the defects in the sublattices generated an effective formation energy, and
the weighted average by concentration of sublattice sites was used to calculate the
theoretical effective formation energies of the atomic point defects. The theoretical
effective formation energies for the respective point defects at 1000 ˝C are tabulated
in Table 2 and show the relative ease at which the defects can form. The effective
formation energies for the defects are consistent with the defect concentration trends
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observed in Figure 3, with Zr Ñ Ni anti-site defects showing the lowest effective
formation energy at stoichiometry and in the Zr-rich state.

Table 2. Theoretical effective formation energies for point defects in Zr7Ni10 at
1000 ˝C.

Defects Ni-Rich Stoichiometric Zr-Rich

∆Hv
Zr (eV) 2.12 2.22 2.33

∆Hv
Ni (eV) 1.10 1.03 0.95

∆HNi
Zr (eV) 0.49 0.66 0.86

∆HZr
Ni (eV) 0.80 0.63 0.44

The non-defected and defected unit-cell lattice parameters based on the structure
that yielded the lowest DFT formation energy are tabulated in Table 3. Comparison
of these calculated parameters to experimental lattice parameters, as measured by
XRD, may offer some insight into the point defect structures that may occur in the
Zr7Ni10 phase.

Table 3. Unit-cell lattice parameters for non-defected and defected Zr7Ni10.

Parameters Perfect
Crystal

Zr Vacancy
(4a)

Ni Ñ Zr
Anti-Site (8e)

Ni Vacancy
(16g2)

ZrÑNi
Anti-Site (8f 2)

a (Å) 12.418 12.334 12.365 12.379 12.437
b (Å) 9.179 9.152 9.135 9.172 9.224
c (Å) 9.180 9.139 9.152 9.162 9.230

Unit-cell volume (Å3) 1046.4 1031.6 1033.7 1040.3 1058.8

We have noted that the calculated crystal structure for the stoichiometric Zr7Ni10

phase based on parameters given in literature appears to converge towards a
tetragonal unit cell. Experimental lattice parameters, however, show c/b lattice
parameter ratios of 1.004–1.006 (~0.5% difference from the calculated value).
Calculated anti-site defected lattice parameters also show c/b ratios >1, while
vacancy defected lattice parameters show ratios <1. The point defect model for
the Zr7Ni10 phase presented here predicts higher concentrations of anti-site defects
for stoichiometric and off-stoichiometric compositions. Curiously, the anti-site
defected unit-cell aspect ratio trends appear more consistent to the experimental
literature results than for the perfect crystal case (0.2% difference vs. 0.5% difference,
respectively). This is despite experimental conditions that include an annealing
treatment at a high temperature for a long period of time (one month) to obtain
equilibrium phases [30]. We also note that the equilibrium phase diagram for the
Ni-Zr system has been revised to correct the solubility window for the Zr7Ni10

phase, originally reporting a Zr-content range of 41.1 at% to 43.5 at%, to a maximum
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threshold of 41.5 at% [20,27,36]. The relative difficulty in removing defects (or
conversely, the relative ease of forming defects) in the Zr7Ni10 phase could have led
to the construction of the larger solubility window, which supports the case for the
presence of anti-site defects at stoichiometric compositions, but does not reconcile
the observation that the defects do not appear to be the most thermodynamically
favorable structures, based on the assumptions made in these calculations. Possible
future work can re-examine the assumptions involved in calculating the free energies
of the non-defected and defected Zr7Ni10 phase, taking into account effects of
temperature on vibrational and entropic contributions. Supercells with both ZrÑNi
and NiÑ Zr anti-site defects for stoichiometric compositions can be examined for
possible interactive configurations and optimized for comparison.

In considering the types of point defects for the Zr7Ni10 phase that may promote
better electrochemical performance in Ni/MH batteries, the ZrÑ Ni anti-site defects
that are prevalent in Zr-rich phases offer a slightly larger unit-cell volume for
hydrogen storage, lowering the plateau pressure and stabilizing the hydride and
hydrogen storage sites. Conversely, the NiÑ Zr anti-site defects that are prevalent
in Ni-rich phases slightly reduce the unit-cell volume, destabilizing the hydride
and hydrogen storage sites. Zr Ñ Ni anti-site defects may also further locally
trap hydrogen, with Zr strongly binding to hydrogen (heats of hydride formation
are ´163 kJ¨mol´1 for metallic Zr [37] and ´50 kJ¨mol´1 for Zr7Ni10 [5]). However,
the effects of these defects on hydrogen storage capacity and reversibility appear
incremental compared to the direct effects of structure and the hydrogen binding
energy related to the ratio of hydride formers (Zr) and modifiers (Ni) in the alloy
composition, which would need to be considered for comparing properties across
different phases, such as the Zr7Ni10 and Zr2Ni7 phases. For example, the effect of
hydrogen binding with higher Zr content can be seen in the reversibility performance
(Zr7Ni10 phase has a Zr/Ni ratio of 0.70 with 77% reversible capacity and an initial
capacity of 1.01 hydrogen to metal (H/M), while Zr2Ni7 phase has a Zr/Ni ratio
of 0.29 with 100% reversible capacity and an initial capacity of 0.29 H/M [4]; the
point defect models predict defect concentrations of 10´5–10´3 at stoichiometry for
local site effects). Within a single phase, however, insights may be gleaned for future
alloy design, particularly since synergetic effect studies show that Zr7Ni10 is a good
catalytic phase, and improving its thermodynamic properties can further improve
the performance of multi-phase negative electrode active materials [1]. One such
strategy is to try to maintain the Zr7Ni10 crystal structure, while substituting elements
that have less of an affinity for hydrogen (Ti has a heat of hydrogen formation
of´124 kJ¨mol´1 [37]) while balancing lattice shrinkage with combination of anti-site
defects and other additives. The point defect models offer a first step towards laying
the groundwork for understanding the role of constitutional defects as it relates to
alloy design and optimization of electrochemical properties for Ni/MH batteries.
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Investigation of absorption–desorption or diffusion kinetics, through the calculation
of the activation energy by methods such as nudged elastic band, can be of interest.
Future work involving additives can also offer further tuning of the defect structures;
addition of Ti has experimentally improved hydrogen reversibility, as well as the
kinetics needed for high-rate discharge [5].

4.2. Theoretical Point Defects in Zr2Ni7

The Zr2Ni7 phase was studied to provide a comparison to the Zr7Ni10 phase
in terms of the types of defects formed and the ease of defect formation. The
DFT structure optimization calculation for the Zr2Ni7 phase is consistent with the
monoclinic C2/m symmetry and structure reported in literature. The calculated
lattice parameters are shown in Table 4 with experimental comparative lattice
parameters. The lattice parameters show reasonable agreement with the experimental
results. The DFT defect formation energies for the Zr2Ni7 phase are calculated based
on this optimized calculated structure.

Table 4. Zr2Ni7 unit-cell lattice parameters.

Lattice Parameter This Work From Reference [32]

a (Å) 4.677 4.698
b (Å) 8.239 8.235
c (Å) 12.176 12.193
β (˝) 95.20 95.83

4.2.1. Density Functional Theory Formation Energies

Ground state DFT formation energies for the Zr2Ni7 phase and its theoretical
NiÑ Zr anti-site, Zr vacancy, Ni vacancy, and ZrÑNi anti-site defects are plotted
in Figure 4, with tie lines to neighboring compounds ZrNi5 and Zr8Ni21. All defect
energies at 0 K lie above that of the stoichiometric compounds, as well as the tie
lines. However, the Ni Ñ Zr anti-site defect energy lies considerably higher than
the stoichiometric compound and the ZrNi5-Zr2Ni7 mixture tie line, indicating a
possible shift in the dominating defects found in a Ni-rich compound. The ZrÑ Ni
anti-site defect energy is the lowest of the defects for the Zr2Ni7 phase, followed by
the Ni vacancy defect energy. There is a small difference in defect energy between
the 4i and 8j sites for the Ni vacancy defect, but there is a larger difference between
the sites of the Zr Ñ Ni anti-site defect. In general, point defects appear to form
preferentially in the 8j sublattices. Note that defect formation energies for several
sets of sublattices are similar and appear indistinguishable in Figure 4 (i.e., 4i1 and
4i2, 4i3 and 8j3, and 8j1 and 8j2).
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4.2.2. Theoretical Effective Defect Formation Model

The theoretical defect concentrations for the Zr2Ni7 phase at 1000 ˝C are plotted
as functions of Zr-content in Figure 5. Stoichiometric Zr2Ni7 phase at 1000 ˝C is
dominated by Ni vacancy defects. ZrÑ Ni anti-site defects overtake the formation
of Ni vacancy defects in Zr-rich compositions, making NiÑ Zr anti-site defects the
predominant defect for Ni-rich compositions. Zr vacancy defects also increase on the
Ni-rich side, but again, the concentration is overall relatively low.
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The weighted theoretical effective formation energies for the respective point
defects at 1000 ˝C are tabulated in Table 5 and define the relative ease for which a
particular defect can form. The effective formation energies for the defects are
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consistent with the defect concentration trends observed in Figure 5, with Ni
vacancies showing the lowest effective formation energy at stoichiometric ratios.
By comparing the point defect models between the Zr7Ni10 and Zr2Ni7 phases, the
data suggests that it is easier to form defects in the Zr7Ni10 phase than the Zr2Ni7
phase, which is consistent with our hypothesis.

Table 5. Theoretical effective formation energies for point defects in Zr2Ni7 at
1000 ˝C.

Defects Ni-Rich Stoichiometric Zr-Rich

∆Hv
Zr (eV) 1.89 2.52 3.47

∆Hv
Ni (eV) 1.42 1.24 0.97

∆HNi
Zr (eV) 0.48 1.29 2.52

∆HZr
Ni (eV) 2.60 1.79 0.56

In considering the types of point defects within the Zr2Ni7 phase that may
promote better electrochemical performance in Ni/MH batteries, we again express
caution for comparing different phases, but within the Zr2Ni7 phase, Zr Ñ Ni
anti-site defects that are prevalent in Zr-rich phases offer a slightly larger unit-cell
volume for hydrogen storage at the expense of possible hydrogen trapping, due to
local Zr concentrations. Conversely, NiÑ Zr anti-site defects that are prevalent in
Ni-rich phases slightly reduce the unit-cell volume and, thereby, offer less space to
accommodate hydrogen storage.

4.3. Experimental Zr-Rich and Ni-Rich Zr7Ni10 Phase Analysis

The Zr-rich and Ni-rich Zr7Ni10 alloy samples were used to compare their
experimental lattice parameters to defected lattice parameters, as predicted by the
model and calculated from DFT. No annealing treatment was applied to the samples
to preserve meta-stable, off-stoichiometric phases. Representative SEM images of the
Zr-rich sample are shown in Figure 6a,b, and their phase compositions, represented
by differing contrasts in the images, are analyzed by EDS and listed in Table 6. The
stoichiometric Zr7Ni10 phase has a B/A ratio of 1.43 (where B = Ni, Al, and Mn and
A = Zr), and the SEM-EDS analysis shows that the sample is mainly composed of
a Zr-rich phase and smaller distributions of a Ni-rich phase, with a small presence
of the Zr2Ni phase. There is a small amount of Mn contamination in this sample,
which may affect the interpretation of the results. However, previous first-principle
calculations investigating substitutions in LaNi5 and TiMn2 alloys suggest that Mn
and Ni substitutions do not alter the alloys’ hydrogen stability sites, which offers
an indication that the small amount of observed contamination may also have little
effect [38]. A representative SEM image of the Ni-rich sample is shown in Figure 6c,
with the phase composition listed similarly in Table 6. The analysis shows that the
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second sample is composed mainly of Ni-rich phases with the minor presence of the
Zr2Ni phase. Contamination was not detected in this particular sample.

Table 6. Energy dispersive spectroscopy (EDS) phase compositions of select areas
for Zr-rich and Ni-rich Zr7Ni10 alloy samples depicted in Figure 6.

Sample Area Zr Ni Al Mn B/A Phase

Zr-rich
Zr7Ni10

1 42.6 57.3 0.0 0.1 1.35 Zr7Ni10
2 35.6 64.4 0.0 0.1 1.81 Zr7Ni10
3 38.4 59.4 0.0 2.2 1.60 Zr7Ni10
4 66.0 33.9 0.0 0.1 0.52 Zr2Ni

Ni-rich
Zr7Ni10

1 40.4 59.6 0.0 0.0 1.48 Zr7Ni10
2 39.9 60.1 0.0 0.0 1.51 Zr7Ni10
3 40.3 59.7 0.0 0.0 1.48 Zr7Ni10
4 40.2 59.8 0.0 0.0 1.49 Zr7Ni10
5 68.0 32.0 0.0 0.0 0.47 Zr2Ni
6 59.9 40.1 0.0 0.0 0.67 Zr2Ni

Experimental lattice parameters for the Zr-rich and Ni-rich Zr7Ni10 samples
were obtained from XRD measurement, and are listed in Table 7. In comparison to
the theoretical and experimental lattice parameters for the stoichiometric Zr7Ni10

phase, both off-stoichiometric samples show unit cells that are smaller than expected.
However, the Zr-rich sample shows a larger unit cell than the Ni-rich samples, which
is consistent with expectations. The c/b ratios are also >1, which is consistent with
the anti-site defected structures predicted by the point defect model.

Table 7. Experimental lattice parameters for Zr-rich and Ni-rich Zr7Ni10 samples.

Parameter Zr-Rich Zr7Ni10 Ni-Rich Zr7Ni10

a (Å) 12.365 12.356
b (Å) 9.172 9.162
c (Å) 9.208 9.194

Unit-cell
volume (Å3) 1044.2 1040.7
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Figure 6. Scanning electron microscopy (SEM) images of a Zr-rich Zr7Ni10 alloy sample showing 
representative phase distributions of (a) mainly Zr-rich phase and a smaller distribution of Ni-rich 
phases with (b) the presence of some amount of the Zr2Ni phase; and (c) a Ni-rich Zr7Ni10 alloy sample 
consisting of mainly Ni-rich phase and the presence of some amount of the Zr2Ni phase. The bar on 
the right lower corner of the Zr-rich samples indicates a length of 20 μm. Chemical compositions 
associated with the numbered areas are listed in Table 6. 

Figure 6. Scanning electron microscopy (SEM) images of a Zr-rich Zr7Ni10 alloy
sample showing representative phase distributions of (a) mainly Zr-rich phase
and a smaller distribution of Ni-rich phases with (b) the presence of some amount
of the Zr2Ni phase; and (c) a Ni-rich Zr7Ni10 alloy sample consisting of mainly
Ni-rich phase and the presence of some amount of the Zr2Ni phase. The bar on the
right lower corner of the Zr-rich samples indicates a length of 20 µm. Chemical
compositions associated with the numbered areas are listed in Table 6.

5. Conclusions

Defect models for the Zr7Ni10 and Zr2Ni7 intermetallic phases were calculated
from first-principles using DFT and statistical mechanics. Zr-Ni based active negative
electrode materials in Ni/MH batteries offer performance benefits such as improved
capacity through synergetic phase effects, and the understanding and engineering
of point defects can contribute to further improvement in these materials through
the framework that is laid by the defect models. DFT calculations confirmed that
the Zr7Ni10 phase structure has space group Cmca symmetry in the ground state.
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The point defect model indicates that at stoichiometry, the Zr7Ni10 phase tends to
form Zr Ñ Ni and Ni Ñ Zr anti-site defects in a 1:1 ratio, while Zr2Ni7 tends to
form Ni vacancy defects. Zr vacancies appear almost negligible in both Zr7Ni10

and Zr2Ni7 compounds. Zr Ñ Ni anti-site defects are the most prevalent defects
in Zr-rich compositions in both compounds, and Ni Ñ Zr anti-site defects are the
most prevalent defects in Ni-rich compositions. In general, it is easier to form defects
in the Zr7Ni10 phase than the Zr2Ni7 phase. Comparison to experimental lattice
parameters for the Zr7Ni10 phase from XRD measurements show some discrepancy
(~0.5% difference in c/b ratios) with regard to the orthorhombic versus tetragonal unit
cells predicted by first principle calculations, which warrants further re-examination
of the typical assumptions, as well as supercells that consider the distribution and
interaction of defects in the calculations. Despite this discrepancy, the experimental
lattice trends for off-stoichiometric phases (c/b ratios > 1) appear to be consistent
with the anti-site defects and the c/b ratios predicted by the model. The point defect
models can be used to further investigate absorption–desorption or diffusion kinetics
through nudged elastic band DFT calculations, offering further tuning of alloy design
and the optimization of electrochemical properties for Ni/MH batteries.
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Appendix

Defect models for Zr7Ni10 and Zr2Ni7 intermetallic phases are developed using
statistical mechanics within the generalized grand canonical µPT formalism for an
ordered, binary system AnBm, where Zr is an A-site atom and Ni is a B-site atom. The
model is similar to the ones developed for NiAl [17] and NiAl3 [18] systems, but is
extended to account for a variable number of sublattices for each type of atom. These
statistical mechanics-based models address the issue of non-homogeneity that can
occur if we apply a monatomic crystal defect model wherein the formation energy
of a vacancy defect is described by removing an atom and inserting it at a surface
site; hypothetically by analogy in a binary system, A-site vacancies in an A0.5B0.5

crystal would generate a surface of strictly A atoms, introducing non-homogeneity
into the system [16,39]. To maintain homogeneity and composition of the bulk,
such A-site vacancies are then necessarily accompanied by B-site vacancies, AÑ B
anti-site defects, or a mixture of the defects. The statistical mechanics model considers
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the different possible local defect configurations possible, minimizing the system
potential to obtain equilibrium concentrations of each type of defect.

The system is described on a unit cell basis, so that n = 28 and m = 40 for
Zr7Ni10 phase and n = 8 and m = 28 for Zr2Ni7 phase. The generalized grand
canonical formalism prescribes the independent variable temperature T, pressure P,
and chemical potential µA and µB. The generalized grand canonical potential J’ is
defined as:

J1 “ U ` PV ´ TS´ µANA ´ µBNB (A1)

where U is the internal energy of the system, V is the volume, S is the entropy, NA is
the number of A atoms in the system, and NB is the number of B atoms in the system.
The equilibrium concentrations of each type of point defect are found by minimizing
the potential with respect to the concentration cν

i or particle number Nν
i of each type

of defect i (vacancy or anti-site) on the sublattice ν. Each system contains M total
possible lattice sites, which may be divided into sublattices α for A-site atoms and β
for B-site atoms. The sublattices can be further subdivided into α1, α2, . . . , αk, and
β1, β2, . . . , βl, for k equivalent A atoms and l equivalent B atoms. For example in the
Zr7Ni10 phase, we assign 4a, 8d, 8e, and 8f 1 sites for the Zr atoms to sublattices α1, α2,
α3, and α4, respectively, and 8f 2, 16g1, and 16g2 sites for the Ni atoms to sublattices
β1, β2, and β3, respectively. M is then also the sum of the lattice sites for each of the
sublattices:

M “
ÿ

k

Mαk `
ÿ

l

Mβl (A2)

where Mαk is the total number of lattice sites for the αk sublattice and Mβl is the total
number of lattice sites for the βl sublattice. The number of A and B atoms NA and
NB in the system that can occupy the lattice sites is described by the accounting of
the lattice sites and the number of defects:

NA “
ÿ

k

Mαk ´
ÿ

k

Nαk
v ´

ÿ

k

Nαk
B `

ÿ

l

Nβl
A (A3)

NB “
ÿ

l

Mβl ´
ÿ

l

Nβl
v ´

ÿ

l

Nβl
A `

ÿ

k

Nαk
B (A4)

where Nαk
v is the number of vacancy defects on the αk sublattice, Nαk

B is the number
of BÑA antisite defects on the αk sublattice, Nβl

v is the number of vacancy defects on
the βl sublattice, and Nβl

A is the number of AÑB antisite defects on the βl sublattice.
The internal energy U can be described as a sum of the ground state energy of

the non-defected system and the defect formation energies:

U “ Mε0 `
ÿ

k

Nαk
v ε

αk
v ` Nαk

B ε
αk
B `

ÿ

l

Nβl
v ε

βl
v ` Nβl

A ε
βl
A (A5)
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The ground state energy per atom ε0 and the defect formation energy parameters
εν

i are calculated from DFT using a supercell of N total lattice sites, such that

ε0 “
1
N

E pN, 0q (A6)

ε
αk ,βl
v “ E

´

N ´ 1, 1αk ,βl
¯

´ E pN, 0q (A7)

ε
βl
A “ E

´

N, Aβl
¯

´ E pN, 0q (A8)

ε
αk
B “ E pN, Bαkq ´ E pN, 0q (A9)

where EpN, 0q is the ground state energy of the supercell of size N with zero defects,
EpN ´ 1, 1αk ,βl q is the ground state energy of the supercell of size N ´ 1 with one
vacancy on the respective sublattice, EpN, Aβl q is the ground state energy of the
supercell of size N with one A atom on the βl sublattice, and EpN, Bαkq is the ground
state energy of the supercell of size N with one B atom on the αk sublattice. For low
defect concentrations and cases near stoichiometry, the defects are assumed to be
non-interacting so that εν

i does not change with concentration.
The volume of the system can also be written as a sum of its equilibrium volume

in the non-defected state and the changes in the volume due to its defects:

V “ Mv0 `
ÿ

k

Nαk
v vαk

v ` Nαk
B vαk

B `
ÿ

l

Nβl
v vβl

v ` Nβl
A vβl

A (A10)

where v0 is the unit-cell volume per atom and vν
i is the defect volume formation

parameter for defect i on sublattice ν, defined similarly as in Equations (A6)–(A9).
The entropy S is the sum of the equilibrium entropy in the non-defected state,

the defect formation entropies, and the configurational entropy:

S “ Ms0 `
ř

k
Nαk

v sαk
v ` Nαk

B sαk
B `

ř

l
Nβl

v sβl
v ` Nβl

A sβl
A

` kBln
ˆ

ś

k

Mαk !
N
αk
v !N

αk
B !

´

Mαk ´N
αk
v ´N

αk
B

¯

!

¨
ś

l

Mβl !
N
βl
v !N

βl
A !

´

Mβl ´N
βl
v ´N

βl
B

¯

!

¸

(A11)

where s0 is the entropy per atom in the non-defected structure and sν
i is the defect

entropy formation parameter for defect i on sublattice ν, defined similarly as in
Equations (A6)–(A9). Concentrations for each type of defect cν

i can be derived
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by substituting Equations (A3)–(A5), (A10) and (A11) into Equation (A1) and
minimizing the potential with respect to Nν

i , such that:

cαk
v “

N
αk
v
M “ Mαk

M
es
αk
v {kB e´pε

αk
v `µA`Pv

αk
v q{kBT

1`es
αk
v {kB e´pε

αk
v `µA`Pv

αk
v q{kBT`es

αk
B {kB e´pε

αk
B `µA´µB`Pv

αk
B q{kBT

(A12)

cαk
B “

N
αk
B

M “ Mαk
M

es
αk
B {kB e´pε

αk
B `µA´µB`Pv

αk
B q{kBT

1`es
αk
v {kB e´pε

αk
v `µA`Pv

αk
v q{kBT`es

αk
B {kB e´pε

αk
B `µA´µB`Pv

αk
B q{kBT

(A13)

Similar expressions are derived for cβl
v and cβl

A .
The chemical potentials µA and µB are Lagrangian parameters that can be

determined from the thermodynamic relation J’ = 0 for the generalized grand
canonical potential [16]. From this relation, we combine Equations (A1), (A5) and
(A10)–(A13) and their analogous expressions to obtain:

ε0 ` Pv0 ´ Ts0 “
ř

k

Mαk
M µA `

ř

l

Mβl
M µB

´
ř

k

Mαk
M kBTln

´

1´ M
Mαk cαk

v ´ M
Mαk cαk

B

¯

´
ř

l

Mβl
M kBTln

´

1´ M
Mβl

cβl
v ´ M

Mβl
cβl

A

¯

(A14)

A final expression describing the composition of the compound preserves the
composition of the compound of the system of interest:

NA

NB
“

ř

k Mαk ´
ř

k Nαk
B ´

ř

k Nαk
v `

ř

l Nβl
A

ř

l Mβl ´
ř

l Nβl
A ´

ř

l Nβl
v `

ř

k Nαk
B

“
x

1´ x
(A15)

where x is the atomic fraction of A atoms of the system AxB1´x.
The effective formation energy of the atomic defects is defined as:

∆Hν
i “ ´kB

Bcν
i

B

´

1
T

¯ (A16)

which simplifies to
∆Hαk

v “ ε
αk
v ` µA (A17)

∆Hαk
B “ ε

αk
B ` µA ´ µB (A18)

and similarly for ∆Hβl
v and ∆Hβl

A .
Within this statistical mechanics model for a binary intermetallic compound, the

contributions from PV and entropy are much smaller than the contributions from the
internal energy, and, therefore, Pv0, vν

i , s0 and sν
i are typically considered negligible

for room temperature and pressure.
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Abbreviations

cν
i Concentration of defect i on the sublattice ν

cNi
v Concentration of vacancies on the Ni sublattices

cZr
v Concentration of vacancies on the Zr sublattices

cNi
Zr Concentration of Zr anti-site atoms in the Ni sublattices

cZr
Ni Concentration of Ni anti-site atoms in the Zr sublattices

DFT Density functional theory
EDS Energy dispersive spectroscopy
J’ Generalized grand canonical potential
kB Boltzmann constant
M Number of lattice sites
NA Number of A atoms
NB Number of B atoms
Nν

i Number of defect i on the sublattice ν

MH Metal hydride
Ni/MH Nickel/metal hydride
P Pressure
s0 Entropy per atom for non-defected structure
sν

i Defect entropy formation parameter for defect i on sublattice ν

SEM Scanning electron microscopy
T Temperature
U Internal energy
v0 Unit-cell volume per atom for non-defected structure
vν

i Defect volume formation parameter for defect i on sublattice ν

XRD X-ray diffraction
Z Number of formula units
αk kth sublattice for A-site atoms
βl lth sublattice for B-site atoms
∆Hf Energy of formation
∆Hv

Ni Effective defect formation energy for vacancies in the Ni sublattices
∆Hv

Zr Effective defect formation energy for vacancies in the Zr sublattices
∆HZr

Ni Effective defect formation energy for Zr anti-site atoms in the Ni sublattices
∆HNi

Zr Effective defect formation energy for Ni anti-site atoms in the Zr sublattices
ε0 Energy per atom for non-defected structure
εν

i Defect energy formation parameter for defect i on sublattice ν

µA Chemical potential for A atom
µB Chemical potential for B atom
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New Type of Alkaline Rechargeable
Battery—Ni-Ni Battery
Lixin Wang, Kwo-Hsiung Young and Hao-Ting Shen

Abstract: The feasibility of utilizing disordered Ni-based metal hydroxide, as both
the anode and the cathode materials, in alkaline rechargeable batteries was validated
for the first time. Co and Mn were introduced into the hexagonal Ni(OH)2 crystal
structure to create disorder and defects that resulted in a conductivity increase. The
highest discharge capacity of 55.6 mAh¨ g´1 was obtained using a commercial Li-ion
cathode precursor, specifically NCM111 hydroxide, as anode material in the Ni-Ni
battery. Charge/discharge curves, cyclic voltammetry (CV), X-ray diffraction (XRD)
analysis, scanning electron microscopy (SEM), transmission electron microscopy
(TEM), X-ray energy dispersive spectroscopy (EDS) analysis, and electron energy
loss spectroscopy (EELS) were used to study the capacity degradation mechanism,
and the segregation of Ni, Co, and Mn hydroxides in the mixed hydroxide. Further
optimization of composition and control in micro-segregation are needed to increase
the discharge capacity closer to the theoretical value, 578 mAh¨g´1.

Reprinted from Batteries. Cite as: Wang, L.; Young, K.-H.; Shen, H.-T. New Type of
Alkaline Rechargeable Battery—Ni-Ni Battery. Batteries 2016, 2, 16.

1. Introduction

The first Ni(OH)2-based alkaline rechargeable batteries, Ni-Fe and Ni-Cd, were
patented by Thomas A. Edison in 1901 and 1902, respectively [1,2]. Since then, many
works have been done to improve the performance of rechargeable batteries [3–5].
The half-cell reactions at positive and negative electrodes and the full cell reaction are
shown in Equations (1)–(3), respectively (where Mt is a transition metal, for example
Fe or Cd).

NipOHq2 ` OH´ é NiOOH ` H2O ` e´ pforward : charge, reverse : dischargeq (1)

MtpOHq2 ` 2e´ é Mt ` 2OH´ pforward : charge, reverse : dischargeq (2)

MtpOHq2 ` 2NipOHq2 é Mt ` 2NiOOH ` 2H2O pforward : charge, reverse : dischargeq (3)

Basically, the negative electrode uses the transformation of a transition metal
between the +2 and 0 oxidation states during charge/discharge operation. During
the last two decades, the Ni-TM (transition metal) batteries extended into Ni-Zn
and Ni-Co systems. More recently, even a Ni-Mn rechargeable system has been
proposed [6]. The comparisons between various Ni-TMs have been summarized
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in Table 1. The common features of these rechargeable batteries are low-cost and
wide working temperature ranges. Although the reaction in Equation (2) involves
a two-electron transfer (resulting in a very high theoretical capacity, see Table 2),
the utilization of active material is not sufficient. As a result, practical Ni-TM cells
often occur with low gravimetric energy and, thus, are not suitable for mobile and
automobile applications. In the late 1980s, a new type of alkaline rechargeable
battery, nickel/metal hydride (Ni/MH), which uses a metal hydride (MH) alloy as
the negative electrode (anode) active material [7] was commercialized by Matsushita,
Sanyo, Toshiba, Yuasa, and Ovonic [8]. The new anode half-cell reaction and full-cell
reactions are shown in Equations (4) and (5), respectively, where Mh is one of the
MH alloys.

Mh ` H2O ` e´ é MhH ` OH´ pforward : charge, reverse : dischargeq (4)

Mh ` NipOHq2 é MhH ` NiOOH pforward : charge, reverse : dischargeq (5)

Table 1. Comparisons of Ni-TM alkaline rechargeable battery. TM: transition metal.

Battery Anode
(Charge/Discharge) Pros Cons Commercial

Product Energy Density

Ni-Mn Mn/Mn(OH)2
‚ Low cost Only theoretical No 130–190 Wh¨ kg´1 [6]
‚ High voltage (2.2 V)

Ni-Fe Fe/Fe(OH)2
‚ Low cost ‚ Low energy

density Yes 30 Wh¨ kg´1 [9]
‚ Long cycle life ‚ Low power

Ni-Co Co/Co(OH)2 ‚ High capacity High cost No Projected to be
165 Wh¨ kg´1 [10,11]

Ni-Zn Zn/Zn(OH)2
‚ Low cost Cycle life still has

room to improve Yes 65-120 Wh¨ kg´1 [12]
‚ Higher voltage (1.5 V)

Ni-Cd Cd/Cd(OH)2

‚ Low cost
Yes 40-60 Wh¨ kg´1 [13]‚ Long cycle life ‚ Toxic

‚ High power at
low temperature

‚ Low energy density

Table 2. Properties of hydroxides as negative electrode (anode) candidates in Ni-TM
battery systems. All data are from reference [14] unless otherwise cited.

Hydroxide Formula
Weight

Theoretical
Capacity

(mAh¨ g´1)

Density
(g¨ cm´3)

Solubility in
Cold Water

(g¨ 100¨ cm´3)

E0(Mt) in
Equation (7)

[15] (V)

M–O Bond
Strength

(kJ¨ mol´1¨ M)

Mn(OH)2 88.94 603 3.258 0.0002 ´0.163 402.9
Fe(OH)2 89.55 597 3.4 0.00015 0.493 390.4
Co(OH)2 92.93 577 3.597 0.00032 0.659 384.5
Ni(OH)2 92.69 578 4.15 0.013 0.648 382.0
Zn(OH)2 99.39 539 3.258 0.0002 0.034 180 [16]
Cd(OH)2 146.41 366 4.79 0.00025 0.583 235.6
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With the higher capacity found in the MH alloy (330 mAh¨ g´1 and 400 mAh¨ g´1

for AB5 and AB2 MH alloys, respectively), Ni/MH soon controlled the consumer
market and was used to power the first commercially built electric vehicle (EV-1)
of modern times by General Motors [17]. The history of battery for electrical
vehicles, the EV-1 and its immediate predecessors and successors were reviewed
by Matthé and Eberle [18]. Later on, Li-ion batteries entered the consumer market
and dominated it with a higher energy density compared to that in Ni/MH battery.
However, Ni/MH batteries still power more than 10 million hybrid electric vehicles
(mainly the Prius, made by Toyota [19]), due to its high power, longevity, and
excellent abuse tolerance. With the focus on rechargeable batteries in the consumer
market switching to a stationary market, the battery industry is facing two major
challenges, specifically cost and cycle stability, in replacing the currently used
lead-acid battery [20,21]. The Ni-TM system happens to fall in the right direction
for the stationary market. Additionally, by comparing the half-cell reactions in
Equations (2) and (4), the Ni-TM batteries demonstrate an advantage over Ni/MH
batteries at very low temperatures by not diluting the electrolyte with water
generated from the discharge process. A few anode material candidates for the Ni-TM
system are compared in Table 2. Although the theoretical capacities obtained from
these materials are very high (due to two-electron transfer), the utilization is limited
by the poor conductivity of the hydroxide. The electrochemical reaction, Equation (2),
can be re-written into a standard form as Equation (6), with the equilibrium potential
given by Equation (7) [15]:

HMtO2
´ ` 3H+ ` 2e´ é Mt ` 2H2O (6)

Eo “ EopMtq ´ 0.00886pH ` 0.0295log pHMtO3
´q (7)

Lower Eo values correspond to metals with lower oxidation energy (easier to be
oxidized). From this table, it is easy to see that both Ni and Co have a potential similar
to Cd and can have highly reversibility redox reactions occur in the voltage range
of interest. Significant research has been devoted into Ni-Co batteries and results
have been summarized in a review article [22]. In the past, a few methodologies
were developed to improve the utilization (reversibility of Equation (2)), including:
Reducing crystallite size [22], alloying with B [23], Si [24], P [25], and S [26] to
increase the degree of disorder (DOD [27]), mixing silica [28], nitride [29], carbon
nanotube [30], and CMK-3 (an ordered mesoporous form of carbon) [31], and forming
Co3O4 nanowires [32].

Ni, with a similar oxidation potential and metal–oxygen (M–O) bond strength
(Table 2) but a much lower raw material cost compared to Co, is a rational choice
for a Ni-TM rechargeable system. The challenge is the same as Co(OH)2: Ni(OH)2

has a very poor electronic conductance. Intrinsic pure Ni(OH)2 is a good insulator.
In order to increase the conductivity, both composition [33–35] and structural [36]
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modifications are necessary and have been successfully developed. It is interesting
to see the use of the disordered Ni(OH)2 as the anode material for the Ni-Ni alkaline
battery. With the funding from a U.S. Department of Energy sponsored Robust
Affordable Next Generation EV (RANGE) program [37], we are able to investigate
the feasibility of such a Ni-Ni battery and present the results in this paper.

2. Experimental Setup

The anode materials were prepared by a co-precipitation method in a continuous
stirring tank reactor (CSTR) [7,38], where the sulfate salts of the nickel and/or
manganese and cobalt were dissolved in deionized water. A suitable amount of
solution was gradually pumped into the reactor in accordance with the desired mole
ratio between the three elements. The pH value of the mixture was maintained
between 10.5 and 12 by pumping sodium hydroxide solution (30 wt %) at a specific
flow rate. Stirring rate (800 rpm), reaction temperature (60 ˝C), pH value, salt
concentration, and residence time are well controlled and experimentally varied to
achieve a desirable particle size and morphology.

Carbon black and polyvinylidene fluoride (PVDF) were used in the negative
electrode to enhance conductivity and electrode integrity. To construct the negative
electrode, 100 mg of active material (hydroxide from one, two, or three transition
metals) were stir-mixed thoroughly with carbon black and PVDF in a weight
ratio of 3:2:1. A 0.5 ˆ 0.5 inch2 nickel mesh was used as a substrate and current
collector with a nickel mesh tab leading out of the square substrate for testing
connections. The mixture of carbon black, PVDF, and metal hydroxides was
evenly pressed onto both sides of the nickel mesh by a hydraulic press under
300 MPa for 5 s to form the anode for this experiment. The positive electrode
was a sintered type of Ni0.9Co0.1 active material, which is commonly used in
Ni-Cd batteries. The positive and negative electrodes were sandwiched together
with a polypropylene/polyethylene separator in a flooded half-cell configuration.
The capacity at the positive electrode was significantly more than that at the
negative electrode, resulting in a negative limited design. Electrochemical testing
was performed with an Arbin electrochemical testing station (Arbin Instrument,
College Station, TX, USA). Cyclic voltammetry (CV) was obtained using a Gamry
Potentiostats (Gamry Instruments Inc., Warminster, PA, USA). The particle size
distribution of the powder was measured with a Microtrac-SRA 150 (Microtrac,
Montgomeryville, PA, USA). X-ray diffraction (XRD) analysis was performed with
a Philips X’Pert Pro X-ray diffractometer (Philips, Amsterdam, The Netherlands)
and the generated patterns were fitted, and peaks indexed, by Jade 9 software (Jade
Software Corp. Ltd., Christchurch, New Zealand). A JEOL-JSM6320F scanning
electron microscope (SEM, JEOL, Tokyo, Japan) with energy dispersive spectroscopy
(EDS) was applied in investigating the phase distributions and compositions of
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the powders. A FEI Titan 80–300 (scanning) transmission electron microscope
(TEM/STEM, Hillsboro, OR, USA) was employed to study the microstructure of the
alloy samples. For TEM characterization, mechanical polishing was used to thin
samples, followed by ion milling.

3. Results

3.1. Electrochemical Measurements

Seven hydroxides, two elements (Ni and Mn), three binaries (Ni-Co, Ni-Zn,
and Ni-Mn), and two ternaries (both based on Ni-Co-Mn) were prepared by the
CSTR process. The ternary hydroxides are the precursor material for the cathode
materials used in Li-ion rechargeable batteries, and herein is used as an anode
material for a Ni-Ni battery. Their composition and observed discharge capacities
at a discharge current of 5 mA¨g´1 from Cycles 1 and 5 are listed in Table 3. All
the elemental and binary hydroxides show zero, or close to zero, capacity and both
ternary hydroxide, NCM111 hydroxide (Ni0.33Co0.33Mn0.33) and NCM424 hydroxide
(Ni0.4Co0.2Mn0.4), show the best capacities at approximately 20 mAh¨ g´1 (Figure 1).
It is interesting to find that the capacity improves with increasingly DOD through
addition of more ingredients in the co-precipitation process. In principle, the idea of
using a disordered hydroxide during the CSTR process is validated, but composition
and process optimizations are necessary for a further improvement in capacity.
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Table 3. Discharge capacity in mAh¨ g´1 obtained at a discharge current of
5 mA¨ g´1.

M in
M(OH)2

Ni Mn Ni0.91Co0.09 Ni0.91Zn0.09 Ni0.91Mn0.09 Ni0.33Co0.33Mn0.33 Ni0.4Co0.2Mn0.4

First cycle 1.0 0.0 0.0 0.0 0.0 17.2 14.5
Fifth cycle 0.7 0.0 0.0 0.0 0.0 20.7 20.1

The electrochemical properties of the NCM111 hydroxide were further tested
with a charge rate of 5 mA¨g´1 and discharge rate of 0.4 mA¨g´1. The charge and
discharge voltage curves during the first cycle are plotted in Figure 1. The first charge
plateau is observed at 0.71 V (versus Ni(OH)2 cathode), corresponding to a discharge
plateau at 0.68 V. A second plateau occurs at 1.38 V, with a corresponding discharge
plateau at 1.19 V. Discharge voltage efficiency is defined as discharge voltage divided
by the charge voltage, which is read at the middle point of the voltage plateau. The
first charge reaction has a discharge voltage efficiency of 96%, compared to 86% for
the second redox reaction. The highest discharge capacity of the NCM111 hydroxide
is 55.6 mAh¨ g´1 and was observed during the first cycle (Figure 2). Degradations in
both capacity and utilization (ratio of charge out versus charge in) with cycling can
be easy seen in Figure 3. The cause of these degradations at a relatively low rate will
be reported in the following sessions.Batteries 2016, 2, 16 5 of 12 

 
Figure 2. Discharge capacity obtained from Ni(OH)2, NCM111 hydroxide, and NCM424 hydroxide 
(Ni0.4Co0.2Mn0.4) negative electrodes with a discharge current of 5 mA·g−1. 

 
Figure 3. Discharge capacity and utilization obtained from a NCM111 hydroxide negative electrode 
with a discharge current of 0.4 mA·g−1. 

The CV curves of the NCM111 hydroxide anode are plotted in Figure 4. The same cell 
configuration was used in the CV testing as in the charge/discharge testing, except that an Hg/HgO 
reference electrode was employed. Corresponding to the charge/discharge plateau at 1.38 V (versus 
cathode) and 1.19 V (versus cathode) from the charge and discharge curves, two peaks at −1.0 V (versus 
Hg/HgO) and −0.8 V (versus Hg/HgO) further verified the existence of one of the two redox reactions 
in Ni-Ni batteries. Similarly, the charge/discharge peaks at −0.37 V (versus Hg/HgO) and −0.2 V (versus 
Hg/HgO) correspond to the peaks at 0.71 V (versus cathode) and 0.68 V (versus cathode). The 
additional redox peaks in the CV curve at close to 0.0 V (versus Hg/HgO) is due to the oxidation of 
water into oxygen in the electrolyte during overcharge. The reduction of the residue oxygen on the 
surface was lowered during charging, causing a wide peak at −0.21 V (versus Hg/HgO). 

 
Figure 4. Cyclic voltammetry (CV) curve for a NCM111 hydroxide negative electrode. 

Figure 2. Discharge capacity obtained from Ni(OH)2, NCM111 hydroxide, and
NCM424 hydroxide (Ni0.4Co0.2Mn0.4) negative electrodes with a discharge current
of 5 mA¨ g´1.

The CV curves of the NCM111 hydroxide anode are plotted in Figure 4. The
same cell configuration was used in the CV testing as in the charge/discharge testing,
except that an Hg/HgO reference electrode was employed. Corresponding to the
charge/discharge plateau at 1.38 V (versus cathode) and 1.19 V (versus cathode) from
the charge and discharge curves, two peaks at ´1.0 V (versus Hg/HgO) and ´0.8 V
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(versus Hg/HgO) further verified the existence of one of the two redox reactions in
Ni-Ni batteries. Similarly, the charge/discharge peaks at ´0.37 V (versus Hg/HgO)
and ´0.2 V (versus Hg/HgO) correspond to the peaks at 0.71 V (versus cathode)
and 0.68 V (versus cathode). The additional redox peaks in the CV curve at close to
0.0 V (versus Hg/HgO) is due to the oxidation of water into oxygen in the electrolyte
during overcharge. The reduction of the residue oxygen on the surface was lowered
during charging, causing a wide peak at ´0.21 V (versus Hg/HgO).
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3.2. X-ray Diffraction Analysis

The crystal structure of the NCM111 hydroxide anode at the charged state,
the 1st discharge plateau, and the discharged state were characterized by XRD
analysis and the resulting patterns are shown in Figure 5. The lattice constants of
the hexagonal hydroxide phase were obtained through the curve fitting function
offered in Jade 9.0 Software and the results are listed in Table 4. The charge or
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discharge process of the cell was terminated at the desired discharge state before it
was disassembled. The anode samples were soaked in deionized water overnight
and rinsed thoroughly to remove any KOH electrolyte residue. The anodes were then
completely dried in air under room temperature before XRD analysis. However, some
peaks from residue KOH (with a slightly larger lattice constant when comparing to
pure KOH, due to some water content) are still present in Figure 5b.
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structures from Powder Diffraction File (PDF) database [39] 00-006-0075 and 00-059-0462, 
respectively, are shown in the bottom for comparison. 

Table 4. Lattice constants a and c of hydroxide in NCM111 hydroxide at different stages obtained 
from the XRD patterns shown in Figure 5. 

Lattice Constant (Å) Pristine At the First Discharge Voltage Plateau After First Charge After Discharge 
a 2.92 3.09 3.11 3.02 
c 13.44 13.82 13.87 13.85 

The XRD patterns of the NCM111 hydroxide anode at different discharge state can be fitted with 
a hexagonal unit cell (as the original Ni(OH)2). Compared to that in the fresh sample (Figure 5a), the 
(100) peak shows shifts from 35.73° to 33.59° and 33.46° for those in the first plateau (Figure 5b) and 
charged state (Figure 5c), respectively. Accordingly, the lattice parameter, a, increases from 2.92 Å to 
3.09 Å and 3.11 Å, respectively. The lattice parameter, c, fitted by Jade 9, also showed a 2.8% increase, 
from 13.44 Å to 13.82 Å. The changes in both lattice parameters, a and c, indicate unit cell expansion 
during the charge process. During the charge phase, Ni was reduced to a lower state and extracted 
from the NCM111 hydroxide unit cell, leaving Co and Mn with a larger radius supporting the original 
hexagonal crystal structure. The extraction of small radius Ni from the basal plane may be the reason 
for the 5.8% increase in lattice parameter a. Comparably, the 2.8% decrease in c might be due to the 
extraction of a hydroxide group from between the basal planes, which caused partial collapse of this 
layer. The separation of Ni from the NCM111 hydroxide was also detected by EDS analysis, as 
demonstrated in the next section.  

At a discharged state, the 100 peak shifted back to 33.69° (Figure 5d), corresponding to a decrease 
in a to 3.02 Å, which is smaller than observed in the charged state and the first plateau, but not fully 
reverted to the fresh state before cycling. Compared to the decreases in a, the parameter c decreased 

Figure 5. X-ray diffraction (XRD) patterns of: (a) a pristine NCM111 hydroxide
powder; (b) a NCM111 hydroxide electrode at the first voltage plateau; (c) a charged
NCM111 hydroxide fresh electrode; and (d) a NCM111 hydroxide electrode at a
discharged state. Peak positions of a NiOOH and a Ni(OH)2 structures from Powder
Diffraction File (PDF) database [39] 00-006-0075 and 00-059-0462, respectively, are
shown in the bottom for comparison.

Table 4. Lattice constants a and c of hydroxide in NCM111 hydroxide at different
stages obtained from the XRD patterns shown in Figure 5.

Lattice
Constant (Å) Pristine At the First Discharge

Voltage Plateau
After First

Charge
After

Discharge

a 2.92 3.09 3.11 3.02
c 13.44 13.82 13.87 13.85

The XRD patterns of the NCM111 hydroxide anode at different discharge state
can be fitted with a hexagonal unit cell (as the original Ni(OH)2). Compared to that
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in the fresh sample (Figure 5a), the (100) peak shows shifts from 35.73˝ to 33.59˝

and 33.46˝ for those in the first plateau (Figure 5b) and charged state (Figure 5c),
respectively. Accordingly, the lattice parameter, a, increases from 2.92 Å to 3.09 Å
and 3.11 Å, respectively. The lattice parameter, c, fitted by Jade 9, also showed a
2.8% increase, from 13.44 Å to 13.82 Å. The changes in both lattice parameters, a
and c, indicate unit cell expansion during the charge process. During the charge
phase, Ni was reduced to a lower state and extracted from the NCM111 hydroxide
unit cell, leaving Co and Mn with a larger radius supporting the original hexagonal
crystal structure. The extraction of small radius Ni from the basal plane may be the
reason for the 5.8% increase in lattice parameter a. Comparably, the 2.8% decrease in
c might be due to the extraction of a hydroxide group from between the basal planes,
which caused partial collapse of this layer. The separation of Ni from the NCM111
hydroxide was also detected by EDS analysis, as demonstrated in the next section.

At a discharged state, the 100 peak shifted back to 33.69˝ (Figure 5d),
corresponding to a decrease in a to 3.02 Å, which is smaller than observed in the
charged state and the first plateau, but not fully reverted to the fresh state before
cycling. Compared to the decreases in a, the parameter c decreased less during the
discharge. The major changes in parameter a and the almost same changes in c
indicate that the reaction sites are majorly involved in the basal plane during the
charging, causing an expansion in the a–b planes and a slightly expansion in the c
direction. During discharge, a and c recovered to 3.02 Å and 13.85 Å, but did not
achieve the values seen in the original fresh anode state. The extraction in the c
direction was insignificant after the initial charge, so that NCM111 hydroxide can
still maintain a hexagonal structure with Co and Mn supporting the basal planes.

3.3. Scanning Electron Microscopy/Energy Dispersive Spectroscopy Characterizations

As shown in Figure 6a, the diameter range of pristine NCM111 hydroxide
particles varies from several microns to as large as 30 µm. The surface of the NCM111
hydroxide particles is covered by thin flakes vertical to the particle surface and
approximately 100 nm thick with diameters around 500 nm. After cycling, the flakes
change their orientation from perpendicular to the surface (Figure 6b) to parallel
with the surface (Figure 6d), indicating a regrowth of hydroxide during cycling.

The EDS mappings of the NCM hydroxide anode before and after cycling
are shown in Figure 7a,b, respectively. The nickel, cobalt, and manganese are
distributed evenly in the sample before cycling. However, the nickel distribution
of the NCM hydroxide anode after cycling differs from the distribution of cobalt
and manganese. The two areas are indicated by red and blue circles that show
the differences between Ni and Co/Mn after the cycling. This difference can be
explained by the segregation of Ni(OH)2 out of the hexagonal structure of NCM111
hydroxide material during the cycling, as observed in the EDS map. This is in
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agreement with the XRD pattern, that the lattice constant a increases during the
charge process and decreases during discharge, while c less noticeable changes. This
segregation of Ni is the main cause for the capacity and utilization degradations
discussed in Section 3.1. The Ni segregation is more severe during slower rate
discharges and needs to be controlled to sustain the initial capacity. Approaches for
such segregation-prevention may include implantation of grain growth inhibitor [40],
control of oxygen impurities [41], addition of elements with different solubilities
among phases [42], addition of rare earth elements [43], addition of other transition
metals with larger ionic radii, introduction of a pulse charge/discharge method
to interrupt the formation of Ni(OH)2 isolated grain, surface modification with
surfactant to make it more difficult to precipitate into larger Ni(OH)2 grains, a new
combination of alkali [44] and salt [45] used in the electrolyte, and improvements in
the co-precipitation process to evenly distribute the cation in the hydroxide.
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spots along the line, with an electron beam spot size of 1 nm. The relative percent of these three 
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Figure 8. (a) Transmission electron microscopy (TEM) dark field image of a cross-section of a NCM111 
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Figure 7. Energy dispersive spectroscopy (EDS) mappings of a NCM111 hydroxide
anode (a) before and (b) after cycling.

3.4. Transmission Electron Microscopy Characterizations

To locally study the distribution change of Ni, Co, and Mn after cycling, scanning
TEM was performed. As shown in Figure 8a, the EDS spectrum was collected from
seven evenly distributed spots along the line, with an electron beam spot size of 1 nm.
The relative percent of these three elements are plotted in Figure 8b. The plot clearly
shows that while the distribution of Co is generally uniform, Ni content is higher
in the center of the particle, and Mn content is higher at the surface. Compared to
the uniform elemental distribution in fresh samples, such an elemental distribution
change should be attributed to micro-segregation that occurs during cycling.

Electron energy loss spectroscopy (EELS) data was also obtained by scanning
the indicated region in Figure 9a, which is consistent with EDS analysis results. The
phase segregation with cycling in the NCM111 hydroxide sample forms an isolated
Ni(OH)2 region which is known to be electrochemically inactive and deteriorates the
discharge capacity.
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in the NCM111 hydroxide sample forms an isolated Ni(OH)2 region which is known to be 
electrochemically inactive and deteriorates the discharge capacity. 
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Figure 9. (a) TEM dark field image of a cross-section of a NCM111 hydroxide after 10 electrochemical 
cycles and (b) electron energy loss spectroscopy (EELS) mappings of Ni, Co, and Ni in the rectangle 
area highlighted in (a). 

3.5. Discussion 

In this work, NCM111 shows the highest degree of compositional disorder and also the highest 
discharge capacity. However, the high cost of Co prevents the commercialization of this material 
unless other strong incentives can be obtained. Considering the low voltage of the aqueous system 
compared to the Li-ion rival using the NCM111 as the cathode, it will be tough for NCM111 Ni-Ni 
alkaline battery to compete with Li-ion battery unless a capacity close to the theoretical value (ca. 580 
mAh·g−1) can be realized. When the Li-industries are moving from NCM111 to NCM424, NCM523, 
even NCM811 [46,47] to reduce the cost and increase the capacity, such high-Ni precursor is certainly 
a good candidate for Ni-Ni alkaline battery testing. Other inexpensive transition metals (Cr, Fe, Cu, 
and Zn) or even non-transition metals (Li, Al, S, and Mg) should also be tested as components to 
further increase the DOD and cycle stability. 

4. Conclusions 

A novel ternary NCM111 hydroxide (NiCoMn(OH)6) material was demonstrated for the first 
time to act as an anode material for alkaline rechargeable batteries. A capacity of 55.6 mAh·g−1 was 
achieved with a cycle life of 8, without further optimizing. Charge/discharge testing and CV testing 
verified the existence of a two-step reaction. The chemical reactions have been preliminarily 
suggested to be two-step reactions within which the Ni(OH)2 is reduced to NiOH at the first plateau 
and then to Ni at the second plateau. During the cycling, Ni and Ni hydroxide aggregated, while Co 
and Mn remained at the same location, which led to the loss of disorder in the NCM111 hydroxide 
structure after cycling, as revealed by XRD, SEM, and TEM analysis. This reduction in DOD is 
considered to be the major reason of capacity loss over the course of cycling and necessitates 
immediate attention for future research. 
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Figure 9. (a) TEM dark field image of a cross-section of a NCM111 hydroxide
after 10 electrochemical cycles and (b) electron energy loss spectroscopy (EELS)
mappings of Ni, Co, and Ni in the rectangle area highlighted in (a).
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3.5. Discussion

In this work, NCM111 shows the highest degree of compositional disorder
and also the highest discharge capacity. However, the high cost of Co prevents the
commercialization of this material unless other strong incentives can be obtained.
Considering the low voltage of the aqueous system compared to the Li-ion rival
using the NCM111 as the cathode, it will be tough for NCM111 Ni-Ni alkaline
battery to compete with Li-ion battery unless a capacity close to the theoretical value
(ca. 580 mAh¨ g´1) can be realized. When the Li-industries are moving from NCM111
to NCM424, NCM523, even NCM811 [46,47] to reduce the cost and increase the
capacity, such high-Ni precursor is certainly a good candidate for Ni-Ni alkaline
battery testing. Other inexpensive transition metals (Cr, Fe, Cu, and Zn) or even
non-transition metals (Li, Al, S, and Mg) should also be tested as components to
further increase the DOD and cycle stability.

4. Conclusions

A novel ternary NCM111 hydroxide (NiCoMn(OH)6) material was
demonstrated for the first time to act as an anode material for alkaline rechargeable
batteries. A capacity of 55.6 mAh¨g´1 was achieved with a cycle life of 8, without
further optimizing. Charge/discharge testing and CV testing verified the existence of
a two-step reaction. The chemical reactions have been preliminarily suggested to be
two-step reactions within which the Ni(OH)2 is reduced to NiOH at the first plateau
and then to Ni at the second plateau. During the cycling, Ni and Ni hydroxide
aggregated, while Co and Mn remained at the same location, which led to the loss
of disorder in the NCM111 hydroxide structure after cycling, as revealed by XRD,
SEM, and TEM analysis. This reduction in DOD is considered to be the major reason
of capacity loss over the course of cycling and necessitates immediate attention for
future research.
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Abbreviations

TM Transition metal
Ni/MH Nickel/metal hydride
MH Metal hydride
EV Electric vehicle
DOD Degree of disorder
M–O Metal–oxygen
RANGE Robust Affordable Next Generation EV
CSTR Continuous stirring tank reactor
rpm Revolution per minute
PVDF Polyvinylidene fluoride
CV Cyclic voltammetry
XRD X-Ray diffraction
SEM Scanning electron microscopy
EDS X-Ray energy dispersive spectroscopy
DP Discharge peak
CP Charge peak
TEM Transmission electron microscopy
PDF Powder diffraction file
EELS Electron energy loss spectroscope
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Failure Mechanisms of Nickel/Metal
Hydride Batteries with Cobalt-Substituted
Superlattice Hydrogen-Absorbing Alloy
Anodes at 50 ˝C
Tiejun Meng, Kwo-hsiung Young, John Koch, Taihei Ouchi and
Shigekazu Yasuoka

Abstract: The incorporation of a small amount of Co in the A2B7 superlattice
hydrogen absorbing alloy (HAA) can benefit its electrochemical cycle life
performance at both room temperature (RT) and 50 ˝C. The electrochemical
properties of the Co-substituted A2B7 and the failure mechanisms of cells using
such alloys cycled at RT have been reported previously. In this paper, the failure
mechanisms of the same alloys cycled at 50 ˝C are reported. Compared to that at RT,
the trend of the cycle life at 50 ˝C versus the Co content in the Co-substituted A2B7

HAAs is similar, but the cycle life is significantly shorter. Failure analysis of the cells
at 50 ˝C was performed using X-ray diffraction (XRD), scanning electron microscopy
(SEM), X-ray energy dispersive spectroscopy (EDS), and inductively coupled plasma
(ICP) analysis. It was found that the elevated temperature accelerates electrolyte
dry-out and the deterioration (both pulverization and oxidation) of the A2B7 negative
electrode, which are major causes of cell failure when cycling at 50 ˝C. Cells from
HAA with higher Co-content also showed micro-shortage in the separator from the
debris of the corrosion of the negative electrode.

Reprinted from Batteries. Cite as: Meng, T.; Young, K.-h.; Koch, J.; Ouchi, T.; Yasuoka,
S. Failure Mechanisms of Nickel/Metal Hydride Batteries with Cobalt-Substituted
Superlattice Hydrogen-Absorbing Alloy Anodes at 50 ˝C. Batteries 2016, 2, 20.

1. Introduction

Depending on their particular high energy density and long cycle life,
lithium-ion batteries have become the dominant battery type in the consumer and
electric vehicle market. However, high cost, limited temperature range, and safety
concerns have caused inconvenience and restricted the application of lithium-ion
batteries in many fields, including uninterruptible power supply for home appliances,
vending machines, cell phone towers, and other on-grid or off-grid stationary energy
storage applications. In comparison, the nickel/metal hydride (Ni/MH) battery
is a low cost alternative with high safety, long cycle life, excellent rate capabilities,
and exceptional high-temperature capabilities for stationary applications [1,2]. The
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continuous research and development in Ni/MH batteries has enabled continuous
use in both consumer type and hybrid electric vehicles [3].

The Ni/MH type battery is capable of operating at high temperatures, up to
85 ˝C [4], while maintaining a long cycle life [5]. These exceptional high-temperature
capabilities make the Ni/MH batteries ideal candidates in extreme environments.
In comparison, the performance of commercial lithium-ion batteries deteriorates
dramatically at above 70 ˝C due to electrolyte decomposition [6]. Furthermore, the
breakdown of the solid electrolyte interphase starts at 80 ˝C [7,8] and may result
in a thermal runaway [9], which eventually causes fire and explosion [10]. Most
rechargeable batteries, including Ni/MH batteries, are optimized to operate at room
temperature (RT), and their performances degrade with the increase of temperature.
To further improve the high-temperature performance of Ni/MH batteries, their
degradation mechanisms at elevated temperatures must be clarified. There are two
concerns for Ni/MH applications at high-temperature (>40 ˝C): charge acceptance
and capacity loss. The former has been addressed with composition modifications
for the active material used in the positive electrode [11]. The later can be further
classified into losses in the positive and negative electrodes. The capacity loss in the
positive electrode at high temperature was reviewed in a recent article [12], while the
capacity loss in the negative electrode remains to be thoroughly investigated.

There are basically three types of hydrogen absorbing alloy (HAA) that are
used as the negative electrode active materials in commercial Ni/MH batteries:
misch-metal based AB5 (mainly CaCu5 structure), Laves phase AB2 (mainly C14 and
C15 structures), and A2B7 superlattice (mainly Nd2Ni7 and PrNi3 structures). The
capacity deteriorations in AB5 and AB2 HAAs were identified to be due to surface
passivation of La(OH)3 [13] and surface corrosion which leaches out soluble ions [14],
respectively. However, studies on the failure mechanism of A2B7 superlattice HAAs
are limited. In the past, we have examined Nd-based [15], La-based [16], and
La, Pr, Nd-based [17,18] superlattice HAAs and found that these materials share
the same failure mechanism: a passivated rare earth hydroxide surface. Both the
Mg-incorporation and the higher rare earth content contribute to the higher rate of
surface passivation of superlattice HAAs compared to that of AB5 HAAs.

It is well accepted that B-site substitution can effectively improve the
electrochemical performance of HAAs (AB5, AB2, and A2B7) [19–22]. Previously,
we have reported on the electrochemical properties of two series of Mn- and
Co-substituted superlattice HAAs as the active materials in the negative electrodes
in the sealed cells [23,24], and analyzed their failure mechanisms in sealed full
cells at RT [23,24]. These results have shown that both Mn- and Co- substitutions
can improve low-temperature cell performance, but not the high-temperature
performance [23,24]. The failure mechanisms of cells with superlattice HAAs at
high temperatures have not yet been fully understood and require clarification for
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further improvement of the cell performance at high temperature. In this work, we
focused on sealed full cells made with Co-substituted superlattice HAAs and studied
the failure mechanisms of the cells cycled at 50 ˝C.

2. Experimental Setup

The metal hydride (MH) alloys used in this study include five superlattice A2B7

HAAs (C1–C5) and one La-rich AB5 HAA (AB5) as a reference. The compositions of
the five A2B7 HAAs are Mm0.83Mg0.17Ni3.14´xAl0.17Cox (x = 0, 0.1, 0.2, 0.3, and 0.4),
with variations corresponding to the Co amount of 0 (C1), 2.3 (C2), 4.7 (C3), 7.0 (C4),
and 9.3 (C5) at%. These alloys were made by Japan Metals and Chemicals Co. (JMC,
Tokyo, Japan). Herein, Mm is the mixed rare earth metal with a composition of 19.6
wt% lanthanum (La), 40.2 wt% praseodymium (Pr), and 40.2 wt% neodymium (Nd).
The designed formula for the five A2B7 HAAs is AB3.31. Details on the composition of
the Co-substituted A2B7 HAAs can be found in Table 1 of [24]. The La-rich AB5 HAA
has a composition of La10.5Ce4.3Pr0.5Nd1.4Ni60.0Co12.7Mn5.9Al4.7 and was supplied
by Eutectix (Troy, MI, USA). The same alloys have been used in our previous study of
the Co-substituted superlattice A2B7 HAAs [18,24]. The powders of the six different
alloys were dry-compacted onto nickel mesh current collectors as negative electrodes.
Pairing such negative electrodes with the positive electrodes made with 94.1 wt%
CoOOH-coated Ni0.85Co0.12Zn0.03(OH)2, 4.9 wt% Co, and 1 wt% Y2O3 on nickel
foam substrates, C-size Ni/MH cells were assembled for electrochemical testing. The
separator used was Scimat 700/79 acrylic acid grafted polypropylene/polyethylene,
which was supplied by Freudenberg (Weinheim, Germany) and the electrolyte was
a NaOH electrolyte (26.8 wt%) with LiOH (1.5 wt%) as an additive for improved
high-temperature performance [25]. The designed negative-to-positive capacity ratio
was kept at 2.0 in order to balance the over-charge and over-discharge reservoirs [15].
For convenience, C1–C5 and AB5 are used to represent not only the HAA alloys
C1–C5 and AB5, but also the cells with corresponding HAA alloys.

The sealed cells were tested using a Maccor Battery Cycler (Tulsa, OK, USA)
in a Blue M Oven (TPS Thermal Power Solutions, White Deer, PA, USA) with a set
temperature of 50 ˝C. After the formation process in which the newly sealed cells
were charged/discharged at C/3 for three cycles with cut-off voltages of 1.45 V/1 V,
they were tested at 50 ˝C using a 0.5C charge/discharge rate with a discharge cut-off
voltage of 0.9 V. The cut-off of the charging process was triggered when the cells
reached 105% state-of-charge, based on the initial discharge capacity. The cycle test
ended when the capacity dropped below 70% of the initial discharge capacity.

The cells were disassembled after the cycle test and their failure modes were
studied by X-ray diffraction (XRD), scanning electron microscopy (SEM), energy
dispersive spectroscopy (EDS), and inductively coupled plasma (ICP). The electrolyte
residues in the cycled electrodes were removed in a Soxhlet extractor (Thermo
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Fisher Scientific, Walthan, MA, USA). XRD analysis in the 2θ range of 10˝–80˝ was
performed using Cu Kα radiation (λ = 1.5406 Å) on a Philips X'Pert Pro X-ray
diffractometer (Amsterdam, The Netherlands) to study the crystal structure of
the positive and negative electrodes after cycling. The powders were scraped
from the cycled electrodes and sifted into the well of a glass sample holder for
XRD. The working voltage of the X-ray generator is 30 kV and current is 15 mA.
Scanning was carried out with the angular step size of 0.02˝ and counting time
of 5 s. SEM was carried out using a JEOL-JSM6320F microscope (Tokyo, Japan),
with EDS capabilities, to study the morphology and composition of the negative
electrodes after cycling. Another JEOL JSM7100 field-emission SEM with EDS was
used to obtain the elemental mapping across the battery cross-section (positive
electrode/separator/negative electrode). After Soxhlet extraction and drying in
nitrogen, the cycled cells were vacuum-impregnated in epoxy and cured overnight.
Later, they were ground with SiC paper (180, 320 and 600 grits) and polished with
6 µm and 1 µm diamond compound. SEM analysis was carried out with a 20 kV beam
accelerating voltage, 300 pA current and 15 mm working distance. A Thermo iCAP
7400 ICP system (Thermo Fisher Scientific) was used to determine the composition
of the Soxhlet extraction solution. The parameters used in ICP measurement were:
RF power—1150 W, exposure time—10 s, nebulizer gas flow—0.55 L¨ min´1 and
three replicates.

3. Results and Discussion

High-temperature charge/discharge tests were performed on the C-size cells
at a fixed temperature, 50 ˝C, with a rate of 0.5C for charge and discharge, until the
capacity dropped below 70% of the initial capacity, which is deemed as the end of
cycle life. Later, the cells were disassembled and the electrodes and separators were
characterized by XRD, SEM/EDS, and ICP to study the failure mechanisms of the
cells cycled at 50 ˝C.

3.1. Cycle Life

The cycle life versus Co content at 50 ˝C and RT (20 ˝C) for samples C1–C5
and AB5 are shown in Figure 1a, and the evolution of capacity as a function of cycle
number at 50 ˝C is shown in Figure 1b (adapted from [24]). The blue dotted line and
red dashed line indicate the cycle life of AB5 at RT and 50 ˝C, respectively. For each
material, three identical cells were fabricated and tested, and the results show that
the error in cycle life measurement is no more than 10% in this study. To show the
best performance for each material, the data points in Figure 1 are from the cells with
the longest cycle life. At 50 ˝C, the cycle life for all samples is dramatically lower than
those cycled at RT. The maximum cycle life for the 50 ˝C series is 255 cycles for both
C2 and C3, compared to 775 and 990 cycles for C2 and C3, respectively, at RT. Similar
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to the trend for the RT series, at 50 ˝C the cycle life increases with incorporation of Co
and then decreases with further increases in Co content. The AB5 sample exhibited
a longer cycle life at 50 ˝C than all five superlattice A2B7 HAA samples.Batteries 2016, 2, 20 4 of 13 
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Figure 1. (a) Cycle life (the number of cycles when the discharge capacity drops to
70% of the original capacity) as a function of Co-content in the superlattice A2B7

hydrogen absorbing alloys (HAAs) at room temperature (RT, 20 ˝C) and 50 ˝C. The
blue dotted line and red dashed line denote the cycle life for AB5 at RT and 50 ˝C,
respectively. (b) Capacity vs. cycle number for cells with HAAs C1–C5 and AB5 at
50 ˝C (adapted from [24]).

3.2. X-Ray Diffraction Structure Analysis

The XRD patterns from the cycled positive and negative electrodes are presented
in Figure 2a,b, respectively. In Figure 2a, the cycled positive electrodes are found
to be comprised mainly of β-Ni(OH)2 (JCPDS PDF No. 00-014-0117) [26] with a
small amount of CoO (JCPDS PDF No. 00-043-1004) [27] and metallic Ni (JCPDS
PDF No. 00-004-0850) [28]. Metallic Ni should originate from the debris of the Ni
foam that occurs when scraping the powder off the electrode. CoO is the oxidation
product of the Co powder, which was added into the positive electrode as an additive
in order to form the CoOOH conduction network. There is no distinguishable peak
of α-Ni(OH)2 or γ-NiOOH in the XRD patterns. The existence of α-Ni(OH)2 or
γ-NiOOH often results from Al-contamination from the negative electrode [29,30]
or overcharge [31–34], which may cause electrode pulverization and shorten its
cycle life. In addition, no obvious differences were observed for the cycled positive
electrodes for all the samples.

On the other side of the system, there are obvious signs that the negative
electrodes were heavily oxidized, and peak intensities of the oxidation products
are prominent for all the cycled negative electrodes. There are two main types
of observed oxidation products: rare earth hydroxides and Ni(OH)2. The rare
earth hydroxides include La(OH)3, Nd(OH)3, and Pr(OH)3, which have very similar
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2θ-diffraction angles and their peaks overlap to form broadened peaks in the XRD
patterns. Figure 3 shows the XRD patterns of the negative electrodes cycled at 50 ˝C
and RT at the end of cycle life, in comparison with those obtained from pristine HAA
alloys. As indicated by the XRD patterns, the relative peak heights of the oxidation
products increase dramatically when the test temperature increases to 50 ˝C from RT,
especially for C1, which exhibits the least oxidation among all the samples at RT.

Batteries 2016, 2, 20 4 of 13 
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3.3. Scanning Electron Microscopy/Energy Dispersive Spectroscopy Analysis

The SEM backscattered electron images (BEIs) of the cycled positive electrodes
are shown in Figure 4 and the chemical compositions at different spots on the surface
of the electrode (electrode/electrolyte interface) to the bulk of the electrode, measured
by EDS, are listed in Table 1. No pulverization was observed for all the samples,
despite a certain degree of swelling, particularly for AB5. It is well known that Al
can stabilize α-Ni(OH)2 phase, which causes a large volume expansion and will
eventually lead to pulverization and capacity degradation. Al is detected in all the
positive electrodes in this study. Since Al exists only in the negative electrode, where
HAA is corroded, Al leaches out during cycling and migrates to the positive electrode.
Also, the amount of Al found in the positive electrode may be an indication of the
extent of corrosion in the negative electrode. Herein, AB5 has the highest amount of
Al (6.2–7.7 at%) in the positive electrode and the most severe swelling of Ni(OH)2, as
indicated by the blurry Ni(OH)2 grain boundaries in the SEM BEI micrograph. C5
has a higher amount of Al (2.8–4.1 at%) in the cycled positive electrode, compared to
C1–C4. Al diffuses deep into the bulk of the positive electrode, with a slight decline
in at% from Spot 1 (surface) to Spot 4 (about 50–75 µm from the surface), though
it is expected that the diffusion length of Al is much larger than observed. Besides
Al, Mg and Mn were also observed in the cycled positive electrodes with A2B7 and
AB5 HAAs, respectively. Mg accumulates at the surface region of the cycled positive
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electrodes of the cells C1–C5 and does not diffuse far into the bulk, while a small
amount of Mn (1.6 at%) gathers mainly at the surface region of the cycled positive
electrodes of the cell AB5.Batteries 2016, 2, 20 5 of 13 
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Mg (Mn) for C1–C5 (AB5). All the samples show a substantial degree of oxidation. The Co-free C1 
exhibits a more severe oxidation than the low Co-content C2 and C3, which is consistent with the 
XRD analysis discussed above and could be one of the main causes of why C1 has a shorter cycle life 
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micrographs of the positive electrodes at the end of cycle life at 50 ˝C for (a) C1;
(b) C2; (c) C3; (d) C4; (e) C5; and (f) AB5.

The SEM BEIs of the cycled negative electrodes are shown in Figure 5 and their
chemical compositions at different spots, measured by EDS, are listed in Table 2.
The spot EDS results indicate that the bright regions (Spots 1 and 2) on the BEI
micrographs correspond to the un-oxidized A2B7 phase (the small amount of oxygen
may originate from sample preparation and transfer for SEM), while the dark regions
(Spots 3 and 4) correspond to the oxidized alloy surfaces and are characterized by a
high oxygen content (high oxygen-to-metal ratio, O/M) and much lower content of
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Al and/or Mg (Mn) for C1–C5 (AB5). All the samples show a substantial degree of
oxidation. The Co-free C1 exhibits a more severe oxidation than the low Co-content
C2 and C3, which is consistent with the XRD analysis discussed above and could be
one of the main causes of why C1 has a shorter cycle life than C2 and C3. Although
the oxidation for C1, C2, and C3 are obvious, the pulverization for these three
samples is not as severe as the high Co-content C4 and C5. Except for oxidation
and pulverization, in C5, there are regions with very high O content (C5-4), which
passivate the active surfaces and result in capacity loss. The secondary phases, other
than A2B7, for C5 may have caused the most severe oxidation and pulverization
among all the samples, which leads to a much shorter cycle life. Oxidation and
pulverization are also observed for AB5 after cycling. Similar to A2B7 HAAs, there is
substantially less Al and Mn in the oxidized regions of the AB5 HAA. Compared to
C1–C5, the oxidation and pulverization of AB5 HAA is not severe.

Table 1. Chemical compositions in at% of selected spots (as shown in Figure 4)
determined by energy dispersive spectroscopy (EDS) in the positive electrodes at
the end of cycle life. ND denotes non-detectable.

Location Ni Co Zn Y Al Mg Mn

C1-1 78.2 16 2.0 ND 2.5 1.3 ND
C1-2 77.3 15.7 2.4 ND 3.4 1.2 ND
C1-3 78.4 17.0 2.1 ND 2.5 ND ND
C1-4 77.5 18.0 1.9 ND 2.6 ND ND
C2-1 78.1 14.4 2.1 0.4 3.6 1.3 ND
C2-2 78.0 16.6 2.4 0.3 2.7 ND ND
C2-3 78.2 16.8 2.3 0.2 2.4 ND ND
C2-4 78.8 16.1 2.4 0.4 2.4 ND ND
C3-1 75.1 17.3 1.8 0.2 2.9 2.6 ND
C3-2 74.6 18.0 2.2 0.3 2.7 2.1 ND
C3-3 76.4 18.4 2.4 0.3 2.5 ND ND
C3-4 76.8 18.2 2.4 0.2 2.3 0.1 ND
C4-1 77.2 15.2 2.1 0.2 2.8 2.5 ND
C4-2 78.1 15.0 1.9 0.3 2.5 2.2 ND
C4-3 78.3 16.8 2.4 0.3 2.2 ND ND
C4-4 78.4 16.4 2.5 0.2 2.5 ND ND
C5-1 78.4 12.4 1.7 ND 4.1 3.4 ND
C5-2 79.3 13.2 1.7 ND 3.2 2.6 ND
C5-3 80.2 13.1 2.2 0.2 3.6 0.9 ND
C5-4 81.5 13.7 1.9 0.1 2.8 ND ND

AB5-1 74.0 14.9 1.7 0.2 7.6 ND 1.6
AB5-2 77.5 12.4 1.8 ND 7.7 ND 0.5
AB5-3 75.9 15.0 2.2 ND 6.8 ND 0.2
AB5-4 77.0 14.8 2.0 0.1 6.2 ND ND
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The above XRD and SEM/EDS results indicate that the positive electrodes remain in good shape 
at the end of cycle life. No pulverization or severe swelling was observed, even though Al migrated 
from the negative electrode and diffuses into the bulk of the positive electrode. Thus, it is unlikely 
that the failure of the cells results from the degradation of the positive electrodes. On the negative 
electrode side, a higher degree of oxidation is observed at 50 °C for all samples, compared to cells 
cycled at RT, which may be a major cause of the battery failure at 50 °C. In particular, for C4 and C5, 
failure is closely related to the severe pulverization of the negative electrodes. 

In addition to the positive and negative electrodes, the micro-shortage caused by the conducting 
or semiconducting deposits in the separator also contributes to the capacity loss as a result of self-
discharge [35–37] and is examined in this work. SEM was used to study the cross-section of the 
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Table 2. Chemical compositions in at% of selected spots (as shown in Figure 5)
determined by EDS in the negative electrodes at the end of cycle life. B/A is the
ratio of the sum of the atomic percentages of A-site atoms (La, Ce, Pr, Nd, and Mg)
over that of the B-site atoms (Ni, Co, Al, and Mn). O/M denotes the ratio of oxygen
to total metallic content. ND denotes non-detectable.

Location La Ce Pr Nd Ni Co Al Mg Mn O B/A O/M

C1-1 4.1 ND 7.9 7.8 73.1 ND 4.2 2.9 ND ND 3.41 ND
C1-2 3.9 ND 7.9 7.8 7.6 ND 4.0 2.9 ND ND 3.45 ND
C1-3 10.2 ND 0.3 2.0 64.0 ND 0.2 ND ND 23.4 5.14 0.31
C1-4 2.3 ND 3.5 3.5 64.1 ND 0.2 0.2 ND 26.2 6.77 0.36
C2-1 3.6 ND 7.2 7.1 66.6 2.3 3.3 2.8 ND 7.1 3.49 0.08
C2-2 3.4 ND 7.6 7.4 66.4 2.1 3.3 2.6 ND 7.2 3.42 0.08
C2-3 2.0 ND 4.9 5.3 63.3 2.7 0.4 0.5 ND 20.9 5.23 0.26
C2-4 2.2 ND 4.8 5.4 59.3 2.1 ND 0.3 ND 25.9 4.83 0.35
C3-1 3.3 ND 7.5 7.5 62.9 4.4 3.0 3.0 ND 8.3 3.30 0.09
C3-2 3.4 ND 7.3 7.2 62.8 4.4 3.4 2.8 ND 8.8 3.41 0.10
C3-3 2.7 ND 6.3 6.1 52.5 3.7 0.7 1.1 ND 26.9 3.51 0.37
C3-4 2.8 ND 5.6 5.8 51.3 4.2 0.6 0.6 ND 29.2 3.79 0.41
C4-1 3.4 ND 7.4 7.2 61.7 6.9 3.2 2.9 ND 7.2 3.44 0.08
C4-2 3.7 ND 7.1 7.0 59.5 6.6 4.0 3.0 ND 9.1 3.37 0.10
C4-3 3.3 ND 7.1 6.9 58.0 6.0 2.6 2.9 ND 13.2 3.30 0.15
C4-4 2.2 ND 5.5 5.7 57.8 7.1 3.1 0.5 ND 18.1 4.89 0.22
C5-1 3.2 ND 7.1 7.3 59.0 8.8 3.2 3.2 ND 8.1 3.41 0.09
C5-2 4.5 ND 7.2 6.9 58.3 8.8 3.8 2.7 ND 7.8 3.33 0.08
C5-3 2.7 ND 4.8 4.6 60.4 7.2 2.6 1.8 ND 15.8 5.05 0.19
C5-4 7.5 ND 14.4 14.8 19.0 2.1 2.1 35.0 ND 36.5 0.58 0.58

AB5-1 9.8 4.1 0.7 0.7 57.3 12.4 4.0 ND 6.5 3.6 5.24 0.04
AB5-2 9.7 4.2 0.6 0.6 58.9 12.5 4.2 ND 5.1 3.3 5.34 0.03
AB5-3 8.0 3.1 0.3 0.3 44.8 10.5 0.5 ND 0.7 30.5 4.83 0.44
AB5-4 1.0 0.4 0.2 0.2 1.9 0.5 0.6 ND 57.6 37.6 33.67 0.60

The above XRD and SEM/EDS results indicate that the positive electrodes
remain in good shape at the end of cycle life. No pulverization or severe swelling
was observed, even though Al migrated from the negative electrode and diffuses
into the bulk of the positive electrode. Thus, it is unlikely that the failure of the cells
results from the degradation of the positive electrodes. On the negative electrode
side, a higher degree of oxidation is observed at 50 ˝C for all samples, compared
to cells cycled at RT, which may be a major cause of the battery failure at 50 ˝C. In
particular, for C4 and C5, failure is closely related to the severe pulverization of the
negative electrodes.

In addition to the positive and negative electrodes, the micro-shortage caused
by the conducting or semiconducting deposits in the separator also contributes to the
capacity loss as a result of self-discharge [35–37] and is examined in this work. SEM
was used to study the cross-section of the positive electrode/separator/negative
electrode sandwich structure at the end of cycle life. The BEI micrographs are

363



presented in Figure 6a–d. For all the samples, the positive electrodes do not exhibit
any sign of pulverization, which is consistent with our SEM observations on the
surfaces of the positive electrodes (Figure 4). For Cell C1 (Figure 6a), the separator
and the two electrode/separator interfaces are clean, despite some scattered debris
from SEM-sample preparation (loose particles from negative electrode). The EDS
elemental mapping does not show any micro-shortage network forming in the
separator by any element of this battery system. In comparison with the other
samples, the Co- and Ni-mapping micrographs, observed using EDS, are selected
and shown in Figure 6b. It is clear that no Co- or Ni- micro-shortage network
formed in the separator for Cell C1. However, the negative electrode from the same
cell showed severe pulverization, which was not seen from the surface SEM study
(Figure 5a). Since the positive electrode remains intact after cycling, the failure of
Cell C1 is attributed to the oxidation and pulverization of the negative electrode.
For Cell C3 (Figure 6c), it is obvious that the separator loses electrolyte, leading to
dry-out, as seen from fact that the positive electrode materials are squeezed into the
separator. Although the separator is squeezed, no clear micro-shortage networks
were observed from the Co and Ni EDS mapping (Figure 6d). Thus, the failure of
cell C3 is ascribed to electrolyte dry-out. For Cell C5 (Figure 6e), again the separator
is embedded with debris, which strongly indicates electrolyte dry-out. In addition,
EDS mapping shows a clear Co and Ni micro-shortage network (Figure 6f) across the
separator. The formation of such a network is a strong indication that the negative
electrode was severely corroded and Co and Ni leached out, which formed deposits
on the separator surface and decreased the charge/discharge depth and cycle life.
The heavy corrosion of HAA C5 can also be observed in Figure 5e, and may be related
to its high Co-content, which warrants further investigation. Similar to Cell C5, a
Mn-rich micro-shortage network (Figure 6h, reported before in AB5 MH alloy [38]) is
observed for cell AB5, which is believed to be the main cause of failure, considering
that both electrodes were in good condition. The deposits of Mn in the separator
from the leach-out of Mn from the HAA AB5, as can be seen from the decreased
Mn content in certain regions of the negative electrode (Table 2), decrease the cell
capacity. Pulverization can be seen from the HAA AB5, which also contributes to the
capacity loss.

From the analysis above, it can be concluded that, at 50 ˝C, the failure of the
cells using Co-substituted superlattice HAAs can be mainly attributed to issues
related to the separator and negative electrode, rather than the positive electrode,
which differs from what is seen during RT cycling, where swelling/pulverization of
the positive electrode also plays a role in cell failure [18]. Elevated temperature
accelerates the electrolyte dry-out and the corrosion of HAA, which results in
electrode pulverization, as well as the formation of a micro-shortage network created
from leach-out elements (Co, Ni, Mn) from HAA. Cells with the low Co-content
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HAAs (C2 and C3) exhibit better cycle life performance compared to those with the
Co-free (C1) and high Co-content HAAs (C4 and C5), which is attributed to their low
degree of oxidation and pulverization properties. As a comparison, the failure of cell
AB5 is attributed to the pulverization of the negative electrode and formation of a
Mn-containing micro-shortage network in the separator.

The high-temperature behaviors of AB5 MH alloys have been extensively
studied. Begum and his coworkers reported a decrease in capacity of a standard
misch-metal based AB5 MH alloy at higher temperature and attributed it to the
“instability” of the alloy [39]. Lin and his coworkers found the cycle stability and
discharge capacity of a Pr-Nd-free AB5 MH alloy degrade when the temperature
rises to 80 ˝C due to pulverization of the alloy and disintegration of the electrode [40].
Khaldi and his coworkers reported that both the corrosion current and potential of
a La-only AB5 MH alloy increase with the increase of temperature [41]. Zhou and
his coworkers found the needle-shaped corrosion product using SEM and correlated
it to the capacity degradation at high temperature for a La-rich AB5 MH alloy [42].
The higher corrosion rate of Mg-containing A2B7 versus the Mg-free A2B7 due to the
formation of Mg(OH)2 on the surface was also reported before [43]. Our findings in
the failure mechanisms for AB5 and superlattice MH alloys are consistent with these
reported results, but are from various analytic measurements conducted from the
sealed cells, instead of HAA itself.

As for the possible solution to improve the cycle stability at an elevated
temperature, Shangguan and his coworkers proposed a NaBO2 [44] and NaWO4 [45]
added NaOH electrolyte to improve the capacity at 70 ˝C by increasing the oxygen
evolution potential, but the capacity degradation remained unchanged. Adding
Al [46] or Fe [47] to a Pr-Nd-free AB5 MH alloy improves its anti-corrosion capability
at 60 ˝C as reported by researchers in Sichuan University [46]. Adding Al into the
La-only AB5 alloy, reported by Balogun et al. [48], also increases its anti-corrosion
capability at 50˝C. Li and his coworkers also demonstrated the benefit of adding Al
to increase the stability of misch-metal based AB5 MH alloy at 60 ˝C [49]. We
also developed a surface coating of Y, Si-containing compound to stabilize the
high-temperature cycle performance of AB5 and Mg-containing superlattice MH
alloys, and further studies are ongoing.
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4. Conclusions

The failure mechanisms of cells using Co-substituted A2B7 superlattice HAAs
cycled at 50 ˝C were assessed. The positive electrodes remained in good condition
at the end of cycle life for all samples, as the XRD patterns showed no signs of
α-Ni(OH)2 or γ-NiOOH formation and SEM exhibited no signs of pulverization or
severe swelling. Thus, the positive electrode was excluded as a cause of battery failure
at 50 ˝C. For the cells with Co-substituted A2B7 HAAs, the inferior performance
at 50 ˝C can be attributed to accelerated dry-out of electrolyte and deterioration
of the negative electrode. In these cases, the negative electrodes of the cycled
cells at 50 ˝C exhibit much more severe oxidation than those at RT, as indicated
by XRD. At 50 ˝C, the incorporation of a small amount of Co (C2 and C3) in
A2B7 leads to mitigated oxidation/pulverization and, therefore, longer cycle life
compared to the Co-free C1. However, further increases in Co-content leads to more
severe oxidation/pulverization and the formation of micro-shortage networks in the
separator, which has a negative effect on cycle life.
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XRD X-ray diffraction
SEM Scanning electron microscopy
EDS Energy dispersive spectroscopy
ICP Inductively coupled plasma
BEI Backscattered electron image
O/M Oxygen to metal ratio

References

1. Zelinsky, M.; Koch, J.; Fetcenko, M. Heat Tolerant NiMH Batteries for Stationary Power.
Available online: www.battcon.com/PapersFinal2010/ZelinskyPaper2010Final_12.pdf
(accessed on 28 March 2016).

367

www.battcon.com/PapersFinal2010/ZelinskyPaper2010Final_12.pdf


2. Zelinsky, M.; Koch, J. Batteries and Heat—A Recipe for Success? Available
online: www.battcon.com/PapersFinal2013/16-Mike%20Zelinsky%20-%20Batteries%
20and%20Heat.pdf (accessed on 28 March 2016).

3. Young, K.; Ng, K.Y.S.; Bendersky, L. A Technical Report of the Robust Affordable Next
Generation Energy Storage System-BASF Program. Batteries 2016, 2.

4. VARTA Microbattery GmbH. Powerful High Temperature NiMH Batteries ´20/+85 ˝C,
2008. Available online: http://www.varta-microbattery.com/applications/mb_data/
documents/product_information/PI20081111_Electronica_Ni-MH_High_Temp_en.
pdf (accessed on 28 March 2016).

5. Kai, T.; Ishida, J.; Yasuoka, S.; Takeno, K. The Effect of Nickel-Metal Hydride Battery’s
Characteristics with Structure of the Alloy. In Proceedings of the 54th Battery Symposium
in Japan, Osaka, Japan, 7–9 October 2013; p. 210.

6. Li, W.; Campion, C.; Lucht, B.L.; Ravdel, B.; DiCarlo, J.; Abraham, K.M. Additives for
stabilizing LiPF6-based electrolytes against thermal decomposition. J. Electrochem. Soc.
2005, 152, A1361–A1365.

7. Lee, H.H.; Wan, C.C.; Wang, Y.Y. Thermal stability of the solid electrolyte interface on
carbon electrodes of lithium batteries. J. Electrochem. Soc. 2004, 151, A542–A547.

8. Yang, H.; Bang, H.; Amine, K.; Prakash, J. Investigations of the exothermic reactions of
natural graphite anode for Li-ion batteries during thermal runaway. J. Electrochem. Soc.
2005, 152, A73–A79.

9. Hammami, A.; Raymond, N.; Armand, M. Lithium-ion batteries: Runaway risk of
forming toxic compounds. Nature 2003, 424, 635–636.

10. Wang, Q.; Ping, P.; Zhao, X.; Chu, G.; Sun, J.; Chen, C. Thermal runaway caused fire and
explosion of lithium ion battery. J. Power Sources 2012, 208, 210–224.

11. Fierro, C.; Zallen, A.; Koch, J.; Fetcenko, M.A. The influence of nickel-hydroxide
composition and microstructure on the high-temperature performance of nickel metal
hydride batteries. J. Electrochem. Soc. 2006, 153, A492–A496.

12. Young, K.; Yasuoka, S. Capacity degradation mechanisms in nickel/metal hydride
batteries. Batteries 2016, 2.

13. Young, K.; Chao, B.; Liu, Y.; Nei, J. Microstructures of the oxides on the activated AB2

and AB5 metal hydride alloys surface. J. Alloys Compd. 2014, 616, 97–104.
14. Young, K.; Huang, B.; Regmi, R.K.; Lawes, G.; Liu, Y. Comparisons of metallic clusters

imbedded in the surface oxide of AB2, AB5, and A2B7 alloys. J. Alloys Compd. 2010, 506,
831–840.

15. Young, K.; Wu, A.; Qiu, Z.; Tan, J.; Mays, W. Effects of H2O2 addition to the cell balance
and self-discharge of Ni/MH batteries with AB5 and A2B7 alloys. Int. J. Hydrog. Energy
2012, 37, 9882–9891.

16. Zhou, X.; Young, K.; West, J.; Regalado, J.; Cherisol, K. Degradation mechanisms of
high-energy bipolar nickel metal hydride battery with AB5 and A2B7 alloys. J. Alloys
Compd. 2013, 580, S373–S377.

368

www.battcon.com/PapersFinal2013/16-Mike%20Zelinsky%20-%20Batteries%20and%20Heat.pdf
www.battcon.com/PapersFinal2013/16-Mike%20Zelinsky%20-%20Batteries%20and%20Heat.pdf
http://www.varta-microbattery.com/applications/mb_data/documents/product_information/PI20081111_Electronica_Ni-MH_High_Temp_en.pdf
http://www.varta-microbattery.com/applications/mb_data/documents/product_information/PI20081111_Electronica_Ni-MH_High_Temp_en.pdf
http://www.varta-microbattery.com/applications/mb_data/documents/product_information/PI20081111_Electronica_Ni-MH_High_Temp_en.pdf


17. Young, K.; Wong, D.F.; Wang, L.; Nei, J.; Ouchi, T.; Yasuoka, S. Mn in misch-metal
based superlattice metal hydride alloy—Part 2 Ni/MH battery performance and failure
mechanism. J. Power Sources 2015, 277, 433–442.

18. Wang, L.; Young, K.; Meng, T.; English, N.; Yasuoka, S. Partial substitution of cobalt for
nickel in mixed rare earth metal based superlattice hydrogen absorbing alloy—Part 2
Battery performance and failure mechanism. J. Alloys Compd. 2016, 664, 417–427.

19. Young, K.; Nei, J. The current status of hydrogen storage alloy development for
electrochemical applications. Materials 2013, 6, 4574–4608.

20. Zhang, Y.; Zhao, D.; Li, B.; Zhao, X.; Wu, Z.; Wang, X. Microstructures and electrochemical
characteristics of the La0.75Mg0.25Ni2.5Mx (M = Ni, Co; x = 0–1.0) hydrogen storage alloys.
Int. J. Hydrog. Energy 2008, 33, 1868–1875.

21. Reilly, J.J.; Adzic, G.D.; Johnson, J.R.; Vogt, T.; Mukerjee, S.; Mcbreen, J. The correlation
between composition and electrochemical properties of metal hydride electrodes. J. Alloys
Compd. 1999, 293–295, 569–582.

22. Liu, J.; Yang, Y.; Li, Y.; Yu, P.; He, Y.; Shao, H. Comparative study of LaNi4.7M0.3 (M = Ni,
Co, Mn, Al) by powder microelectrode technique. Int. J. Hydrog. Energy 2007, 32,
1905–1910.

23. Young, K.; Wong, D.F.; Wang, L.; Nei, J.; Ouchi, T.; Yasuoka, S. Mn in misch-metal based
superlattice metal hydride alloy—Part 1 Structural, hydrogen storage and electrochemical
properties. J. Power Sources 2015, 277, 426–432.

24. Wang, L.; Young, K.; Meng, T.; Ouchi, T.; Yasuoka, S. Partial substitution of cobalt for
nickel in mixed rare earth metal based superlattice hydrogen absorbing alloy—Part 1
Structural, hydrogen storage and electrochemical properties. J. Alloys Compd. 2016, 660,
407–415.

25. Nei, J.; Young, K.; Rotarov, D. Studies on MgNi-based metal hydride electrode with
aqueous electrolytes composed of various hydroxides. Batteries 2016, 2.

26. JCPDS-International Centre for Diffraction Data®. Powder Diffraction File (PDF) No.
00-014-0117; JCPDS: Newtown Square, PA, USA, 2015.

27. JCPDS-International Centre for Diffraction Data®. Powder Diffraction File (PDF) No.
00-043-1004; JCPDS: Newtown Square, PA, USA, 2015.

28. JCPDS-International Centre for Diffraction Data®. Powder Diffraction File (PDF) No.
00-004-0850; JCPDS: Newtown Square, PA, USA, 2015.

29. Liu, B.; Wang, X.Y.; Yuan, H.T.; Zhang, Y.S.; Song, D.Y.; Zhou, X.Y. Physical and
electrochemical characteristics of aluminum-substituted nickel hydroxide. J. Appl.
Electrochem. 1999, 29, 855–860.

30. Liu, B.; Yuan, H.; Zhang, T. Impedance of Al-substituted α-nickel hydroxide electrodes.
Int. J. Hydrog. Energy 2004, 29, 453–458.

31. Bode, H.; Dehmelt, K.; Witte, J. Zur kenntnis der nickelhydroxidelektrode—I. Über das
nickel (II)-hydroxidhydrat. Electrochim. Acta 1966, 11, 1079–1087. (In German)

32. Oliva, P.; Leonardi, J.; Laurent, J.F.; Delmas, C.; Braconnier, J.J.; Figlarz, M.; Fievet, F.;
de Guibert, A. Review of the structure and the electrochemistry of nickel hydroxides and
oxy-hydroxides. J. Power Sources 1982, 274, 8, 229–255.

369



33. Van der Ven, A.; Morgan, D.; Meng, Y.S.; Ceder, G. Phase stability of nickel hydroxides
and oxyhydroxides. J. Electrochem. Soc. 2006, 153, A210–A215.

34. Miao, C.; Zhu, Y.; Huang, L.; Zhao, T. The relationship between structural stability and
electrochemical performance of multi-element doped alpha nickel hydroxide. J. Power
Sources 2015, 274, 186–193.

35. Guo, H.; Qiao, Y.; Zhang, H. Fast determination of micro short circuit in sintered MH-Ni
battery. Chin. J. Power Sources 2010, 34, 608–609.

36. Shinyama, K.; Magari, Y.; Kumagae, K.; Nakamura, H.; Nohma, T.; Takee, M.; Ishiwa, K.
Deterioration mechanism of nickel metal-hydride batteries for hybrid electric vehicles.
J. Power Sources 2005, 141, 193–197.

37. Zhu, W.H.; Zhu, Y.; Tatarchuk, B.J. Self-discharge characteristics and performance
degradation of Ni-MH batteries for storage applications. Int. J. Hydrog. Energy 2014, 39,
19789–19798.

38. Shinyama, K.; Magari, Y.; Akita, H.; Kumagae, K.; Nakamura, H.; Matsuta, S.; Nohma, T.;
Takee, M.; Ishiwa, K. Investigation into the deterioration in storage characteristics of
nickel metal-hydride batteries during cycling. J. Power Sources 2005, 143, 265–269.

39. Begum, S.N.; Muralidharan, V.S.; Basha, C.A. Electrochemical investigations and
characterization of a metal hydride alloy (MmNi3.6Al0.4Co0.7Mn0.3) for nickel metal
hydride batteries. J. Alloys Compd. 2009, 467, 124–129.

40. Lin, J.; Cheng, Y.; Liang, F.; Sun, L.; Yin, D.; Wu, Y.; Wang, L. High temperature
performance of La0.6Ce0.4Ni3.45Co0.75Mn0.7Al0.1 hydrogen storage alloy for nickel/metal
hydride batteries. Int. J. Hydrog. Energy 2014, 39, 13231–13239.

41. Khaldi, C.; Boussami, S.; Tliha, M.; Azizi, S.; Fenineche, N.; El-kedim, O.; Mathlouthi, H.;
Lamloumi, J. The effect of the temperature on the electrochemical properties of the
hydrogen storage alloy for nickel-metal hydride accumulators. J. Alloys Compd. 2013,
574, 59–66.

42. Zhou, H.; Wang, P.; Wang, Z.; Zou, R.; Ni, C. Influence of temperature on self-discharge
and high-rate discharge characteristics of La-rich AB5-based MH alloy electrode.
Mater. Sci. Forum 2010, 654–656, 2835–2838.

43. Monnier, J.; Chen, H.; Joiret, S.; Bourgon, J.; Latroche, M. Identification of a new
pseudo-binary hydroxide during calendar corrosion of (La, Mg)2Ni7-type hydrogen
storage alloys for nickel-metal hydride batteries. J. Power Sources 2014, 266, 162–169.

44. Shangguan, E.; Wang, J.; Li, J.; Dan, G.; Chang, Z.; Yuan, X.; Wang, H. Enhancement
of the high-temperature performance of advanced nickel-metal hydride batteries with
NaOH electrolyte containing NaBO2. Int. J. Hydrog. Energy 2013, 38, 10616–10624.

45. Shangguan, E.; Li, J.; Chang, Z.; Tang, H.; Li, B.; Yuan, X.; Wang, H. Sodium tungstate as
electrolyte additive to improve high-temperature performance of nickel-metal hydride
batteries. Int. J. Hydrog. Energy 2013, 38, 5153–5158.

46. Zhou, W.; Ma, Z.; Wu, C.; Zhu, D.; Huang, L.; Chen, Y. The mechanism of suppressing
capacity degradation of high-Al AB5-type hydrogen storage alloys at 60 ˝C. Int. J. Hydrog.
Energy 2016, 41, 1801–1810.

370



47. Chao, D.; Zhong, C.; Ma, Z.; Yang, F.; Wu, Y.; Zhu, D.; Wu, C.; Chen, Y. Improvement
in high-temperature performance of Co-free high-Fe AB5-type hydrogen storage alloys.
Int. J. Hydrog. Energy 2012, 37, 12375–12383.

48. Balogun, M.; Wang, Z.; Huang, H.; Yao, Q.; Deng, J.; Zhou, H. Effect of high and low
temperature on the electrochemical performance of LaNi4.4´xCo0.3Mn0.3Alx hydrogen
storage alloys. J. Alloys Compd. 2013, 579, 438–443.

49. Li, Z.; Rei, Y.; Han, F. Influence of small amount of addition elements on electrochemical
and high temperature performance of La-riched RE-based hydrogen storage materials.
Chin. J. Rare Metals 2002, 26, 47–50.

371





 
 

 
Chapter 3: 
Electrolyte 
 
 
 
 
 
 
 
 
 
 
 
  





Studies on MgNi-Based Metal Hydride
Electrode with Aqueous Electrolytes
Composed of Various Hydroxides
Jean Nei, Kwo-Hsiung Young and Damian Rotarov

Abstract: Compositions of MgNi-based amorphous-monocrystalline thin films
produced by radio frequency (RF) sputtering with a varying composition target
have been optimized. The composition Mg52Ni39Co3Mn6 is identified to possess
the highest initial discharge capacity of 640 mAh·g−1 with a 50 mA·g−1 discharge
current density. Reproduction in bulk form of Mg52Ni39Co3Mn6 alloy composition
was prepared through a combination of melt spinning (MS) and mechanical alloying
(MA), shows a sponge-like microstructure with >95% amorphous content, and is
chosen as the metal hydride (MH) alloy for a sequence of electrolyte experiments with
various hydroxides including LiOH, NaOH, KOH, RbOH, CsOH, and (C2H5)4N(OH).
The electrolyte conductivity is found to be closely related to cation size in the
hydroxide compound used as 1 M additive to the 4 M KOH aqueous solution. The
degradation performance of Mg52Ni39Co3Mn6 alloy through cycling demonstrates
a strong correlation with the redox potential of the cation in the alkali hydroxide
compound used as 1 M additive to the 5 M KOH aqueous solution. NaOH, CsOH,
and (C2H5)4N(OH) additions are found to achieve a good balance between corrosion
and conductivity performances.

Reprinted from Batteries. Cite as: Nei, J.; Young, K.-H.; Rotarov, D. Studies on
MgNi-Based Metal Hydride Electrode with Aqueous Electrolytes Composed of
Various Hydroxides. Batteries 2016, 2, 27.

1. Introduction

Mg-based metal hydride (MH) alloys are very attractive for various hydrogen
storage applications due to Mg’s abundance, low cost, light weight, and the
availability of many intermetallic compounds. In particular, two groups of
MgNi-based MH alloys have been proposed for use as the negative electrode
active material in nickel/metal hydride (Ni/MH) battery: amorphous MgNi and
crystalline Mg2Ni. The former has a higher initial discharge capacity but a much
lower cycle stability due to its amorphous nature, which makes protection layer
formation very difficult compared to that in the latter [1]. Research into these two
alloy families were reviewed in 2013 [2]. More recently, additives such as B [3],
Ti [4,5], Pt [4], Pd [4], Nd [6], Cr [7], AB5 [8], La [9], Co [10], nano-sized Ni [11],
Li [12], and Cu [5,13] were added to the bulk or surface of Mg2Ni-based MH alloys
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to improve the capacity, cycle stability, and high-rate dischargeability (HRD). For
MgNi-based MH alloys, TiO2 addition [14], Ni coating [15], Mn substitution [16], and
Nb substitution [17] were experimented for electrochemical property enhancements.
Alloy modifications including annealing, addition of anti-corrosion agents, and
composition modification in both the surface and bulk, control of charge input, and
alloy particle size selection have been previously proposed to improve the cycle
stability of MgNi-based electrodes [18–21], but reducing the corrosive nature of
electrolyte has never been investigated. Advantages of the current method that
uses 30 wt% KOH aqueous solution as the electrolyte are low cost, high ionic
conductivity, low toxicity, and low freezing point. However, KOH aqueous solution
at such concentration rapidly reacts with amorphous MgNi MH alloy. Therefore,
an adjustment in electrolyte composition is necessary to balance some of the high
ionic conductivity with a reduction in corrosive nature of electrolyte. Salt additives
in KOH aqueous solution were previously investigated as the modified electrolytes
in our laboratory, and the results have been reported [22], leaving cations in various
hydroxides as the main topic in this paper.

Many studies investigating the alkali cation species and electrolyte
concentrations in Ni/MH battery were previously conducted and are summarized
in Table 1. However, none of these studies focused on amorphous MgNi MH alloy,
which has the highest capacity but is also the most susceptible to electrolyte oxidation.
Furthermore, while there is only a limited number of soluble inorganic hydroxides,
several organic hydroxides are available. The cations of organic hydroxides are
much larger than those in inorganic hydroxides, and their effects on electrochemical
performances as the electrolyte additives is a subject of acute interest. Therefore,
a study of inorganic and organic hydroxides in electrolyte was launched in the
U.S. Department of Energy (DOE)-sponsored Robust Affordable Next Generation
EV-storage (RANGE) program [23], and the obtained results are summarized in
this paper. We will discuss MgNi-based thin film composition optimization, bulk
MgNi-based alloy powder process optimization, electrolyte conductivity, and, finally,
MgNi-based electrode degradation in electrolytes composed of various hydroxides.

2. Experimental Setup

Thin film was prepared using the radio frequency (RF) sputtering technique
with an MRC Model 8667 RF Sputtering System (Material Research Corporation,
Gilbert, AZ, USA). Bulk powder was prepared by a combination of melt spinning
(MS) and mechanical alloying (MA) processes, which were conducted using a
homebuilt system with a 2 kg induction furnace and a 20” diameter rotating copper
wheel (rotation speed up to 100 rpm) and a SC-10 attritor (Union Process, Akron,
OH, USA), respectively. Microstructure was examined via a Philips X’Pert Pro X-ray
diffractometer (XRD, Philips, Amsterdam, The Netherlands) and a CM200/FEG
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transmission electron microscope (TEM, Philips). Electrochemical testing was
performed with a CTE MCL2 Mini cell test system (Chen Tech Electric MFG. Co., Ltd.,
New Taipei, Taiwan). Approximately 70 mg of AR3 (Mg52Ni39Co3Mn6) alloy powder,
made by MS + MA, was compacted onto an expanded nickel substrate using a 10 ton
press to form the negative working electrode, which was approximately 0.2 mm in
thickness, without any binder. Different concentrations of KOH aqueous solutions
(up to 6 M) and various levels of X(OH)y (X = Li, Na, Rb, Cs, tetraethylammonium
(tEA, (C2H5)4N), Mg, Ca, Sr, or Ba, y = 1 or 2) replacements/additions in KOH
aqueous solutions (with the total concentration of OH− up to 6.5 M) were prepared
and used as the electrolyte. Two halves of a sintered Ni(OH)2-positive electrode, each
1 cm2 in area and 1.5 mm in thickness, were connected by a nickel tab strip and used
as the counter electrode. A piece of grafted polypropylene/polyethylene separator
was folded in half twice and used to sandwich the negative electrode, so that two
layers of separator were on each side of the negative electrode. Next, the wrapped
negative electrode was again sandwiched with the two halves of positive electrode.
The electrode assembly was placed into a plastic sleeve, which was then slid into an
acrylic cell holder. The sleeve was filled with the electrolyte using a pipette. After
absorbing the electrolyte for five minutes, the sleeve was refilled with the electrolyte
so that the half-cell is in a flooded cell configuration. For the discharge capacity
measurement, the half-cell was first charged at a current density of 100 mA·g−1 for
5 h and then discharged at a current density of 100 mA·g−1 until a cut-off voltage of
0.9 V was reached. Then, the cell was discharged at a current density of 24 mA·g−1

until a cut-off voltage of 0.9 V was reached, and finally discharged at a current
density of 8 mA·g−1 until a cut-off voltage of 0.9 V was reached. There were 10 cycles
of the charge/discharge procedure performed for each half-cell. Full discharge
capacity is the sum of capacities measured at 100, 24, and 8 mA·g−1 for each cycle.
Electrolyte conductivity was measured with an YSI Model 3200 Conductivity Meter
(YSI Incorporated, Yellow Springs, OH, USA).
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3. Results

The current study begins with MgNi-based alloy composition optimization,
which is performed with thin film deposition using RF sputtering technique. After
identifying the compositions that demonstrated the highest electrochemical capacities
in the thin film form, bulk powder process consisting of MS + MA was adopted to
reproduce the optimized compositions. Once the electrochemical performances of
alloys in the bulk form were confirmed, the most suitable alloy composition in the
bulk form was then selected for the investigation on modified electrolytes composed
of various hydroxides. The abovementioned developments are discussed in detail in
the following sections.

3.1. MgNi-Based Thin Film Prepared by Radio Frequency Sputtering

Thin film deposition was performed in a multi-target RF sputtering unit with a
modified target and sample holder (Figure 1). The deposition rate was approximately
0.5 µm·h−1, and the resulting average film thickness was approximately 1 µm. In each
run, 10–25 nickel substrates (1 cm× 1 cm) were deposited by thin films with different
compositions, which were determined by energy-dispersive X-ray spectroscopy from
the silicon witness samples placed among the nickel substrates. Results from the
binary composition optimization are shown in Table 2. Discharge capacity maximizes
at the composition Mg52Ni48 (AR1), which is used as the basis for ternary Mg-Ni-Co
and then quaternary Mg-Ni-Co-Mn composition optimizations (Figure 2). Among all
the compositions in the ternary and quaternary matrices, AR2 (Mg52.1Ni45.1Co2.8) and
AR3 (Mg52Ni39Co3Mn6) demonstrate the highest discharge capacities, respectively
(Table 3). Furthermore, the cycle stabilities of several RF-sputtered thin films are
shown in Figure 3, where three films with different chemical positions show similar
capacity degradation in the first 20 cycles. More specifically, two or three activation
cycles are needed for the thin film electrodes; once the electrodes are fully activated,
steady capacity degradation is observed until around cycle 10; capacity remains
stable thereafter. According to the XRD analysis, formation of Mg(OH)2 on the
surface impedes further electrochemical reaction and is the major source for capacity
degradation (approximately 1.2% per cycle).
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witness substrates for composition measurements (top). The substrates are taped to a copper plate 
with circulating ice water or liquid nitrogen. 

Figure 1. An radio frequency (RF)-sputtering unit with an 8” nickel target decorated
with different amounts of modifying elements (bottom) and an array of sandblasted
nickel substrates with silicon witness substrates for composition measurements
(top). The substrates are taped to a copper plate with circulating ice water or
liquid nitrogen.

Table 2. Maximum discharge capacities of Mg-Ni binary thin films deposited on
ice water-cooled nickel substrates with 20 mA·g−1 charge and discharge current
densities. Mg52Ni48 (AR1) is identified as the composition with the highest
discharge capacity. Microstructures and phase abundances were obtained from the
X-ray diffraction (XRD) patterns in reference [50].

Alloy
Composition

Discharge Capacity
(mAh·g−1) Microstructure

Mg48Ni52 302 30% microcrystalline + 70% amorphous
Mg52Ni48 327 20% microcrystalline + 80% amorphous
Mg57Ni43 260 10% polycrystalline + 90% amorphous
Mg61Ni39 75 20% polycrystalline + 80% amorphous
Mg65Ni35 20 30% polycrystalline + 70% amorphous
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Figure 3. Cycling performances of Mg-Ni-Co thin film: #1 (Mg41.9Ni50.9Co7.2 deposited on liquid 
nitrogen-cooled nickel substrate); #2 (Mg44.8Ni46.8Co8.4 deposited on liquid nitrogen-cooled nickel 
substrate); and #3 (Mg37.7Ni54.6Co7.7 deposited on ice water-cooled nickel substrate) with 100 mA·g−1 
charge and discharge current densities. All films show similar cycling behavior. Two or three cycles 
are needed for activation, and once the electrodes are fully activated, steady capacity degradation is 
observed until around cycle 10. Capacity maintains stability from cycle 10 to 20. 

Figure 2. Maximum discharge capacities of (a) Mg-Ni-Co ternary and (b) Mg-Ni-
Co-Mn quaternary thin films deposited on liquid nitrogen-cooled nickel substrates
with 50 mA·g−1 charge and discharge current densities. AR2 (Mg52.1Ni45.1Co2.8)
and AR3 (Mg52Ni39Co3Mn6) are identified as compositions corresponding to the
highest discharge capacities.
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Figure 3. Cycling performances of Mg-Ni-Co thin film: #1 (Mg41.9Ni50.9Co7.2

deposited on liquid nitrogen-cooled nickel substrate); #2 (Mg44.8Ni46.8Co8.4

deposited on liquid nitrogen-cooled nickel substrate); and #3 (Mg37.7Ni54.6Co7.7

deposited on ice water-cooled nickel substrate) with 100 mA·g−1 charge and
discharge current densities. All films show similar cycling behavior. Two or three
cycles are needed for activation, and once the electrodes are fully activated, steady
capacity degradation is observed until around cycle 10. Capacity maintains stability
from cycle 10 to 20.
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Table 3. Evolution of an MgNi-based MH alloy formula with increasing degree of
disorder (number of constituent elements). Bulk powder was produced by melt
spinning (MS) + mechanical alloying MA.

Formula
Name Composition Thin Film Discharge

Capacity (mAh·g−1)

Bulk Powder
Discharge Capacity

(mAh·g−1)
Power Cycle Life

AR1 Mg52Ni48 327 - Low Low
AR2 Mg52.1Ni45.1Co2.8 662 - Low Low
AR3 Mg52Ni39Co3Mn6 639 791 Medium Low
AR4 Mg51.5Ni37Co6Mn4Fe1.5 823 472 Medium Improved
AR5 Mg50Ni40Co6Mn3Zr1 592 456 Good Good

3.2. MgNi-Based Alloy Powder Prepared by Melt Spinning + Mechanical Alloying

According to the Mg-Ni binary phase diagram, AR2 and AR3 compositions
cannot be reproduced by the conventional melt-and-cast method [51]. Therefore,
we used a powder fabrication method combining the MS and MA techniques. The
former (see Figure 4a for the MS system) produces ribbons with closely packed
polycrystalline Mg2Ni and MgNi2 phases, and the latter (see Figure 4b for the MA
attritor system) produces powder with an amorphous MgNi phase and therefore
reproduces the microstructure and electrochemical capacity of the thin film work.

Batteries 2016, 2, 27 6 of 19 

Table 3. Evolution of an MgNi-based MH alloy formula with increasing degree of disorder (number 
of constituent elements). Bulk powder was produced by melt spinning (MS) + mechanical alloying 
MA. 

Formula 
Name 

Composition Thin Film Discharge 
Capacity (mAh·g−1) 

Bulk Powder Discharge 
Capacity (mAh·g−1) 

Power Cycle Life 

AR1 Mg52Ni48 327 - Low Low 
AR2 Mg52.1Ni45.1Co2.8 662 - Low Low 
AR3 Mg52Ni39Co3Mn6 639 791 Medium Low 
AR4 Mg51.5Ni37Co6Mn4Fe1.5 823 472 Medium Improved 
AR5 Mg50Ni40Co6Mn3Zr1 592 456 Good Good 

3.2. MgNi-Based Alloy Powder Prepared by Melt Spinning + Mechanical Alloying 

According to the Mg-Ni binary phase diagram, AR2 and AR3 compositions cannot be 
reproduced by the conventional melt-and-cast method [51]. Therefore, we used a powder fabrication 
method combining the MS and MA techniques. The former (see Figure 4a for the MS system) 
produces ribbons with closely packed polycrystalline Mg2Ni and MgNi2 phases, and the latter (see 
Figure 4b for the MA attritor system) produces powder with an amorphous MgNi phase and 
therefore reproduces the microstructure and electrochemical capacity of the thin film work. 

 
(a) (b) 

Figure 4. Photos of (a) a home-built MS system with a 2 kg induction furnace (top) and a rotating 
copper wheel (center) and (b) an attritor enclosed in a glovebox filled with argon gas. Powder is 
collected in a canister (bottom) that can be separated from the system by a butterfly valve. 

Compared to the method of using MA with raw material in elemental powder form alone, 
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lower the material cost. The polycrystalline and amorphous natures of MS ribbon before and after 
the MA process, respectively, are revealed by XRD, as shown in Figure 5. The cycle stability of the 
AR3 powder made by MS + MA, shown in Figure 6, is much more severe than that of its thin film 
counterpart. More specifically, degradation of the bulk AR3 powder occurs at approximately 10% per 
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in cycle stability in our thin film results. 

Figure 4. Photos of (a) a home-built MS system with a 2 kg induction furnace (top)
and a rotating copper wheel (center) and (b) an attritor enclosed in a glovebox filled
with argon gas. Powder is collected in a canister (bottom) that can be separated
from the system by a butterfly valve.
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Compared to the method of using MA with raw material in elemental powder
form alone, incorporation of MS in the alloy fabrication process can reduce the
MA time from 72 h to 12 h and lower the material cost. The polycrystalline and
amorphous natures of MS ribbon before and after the MA process, respectively,
are revealed by XRD, as shown in Figure 5. The cycle stability of the AR3 powder
made by MS + MA, shown in Figure 6, is much more severe than that of its thin
film counterpart. More specifically, degradation of the bulk AR3 powder occurs at
approximately 10% per cycle in the first 10 cycles. While the addition of 1 wt% Si or
Zr in the MA process does not affect the cycling performance, the addition of 1 wt%
Fe reduces the capacity degradation to around 4% per cycle in the first 10 cycles.
Furthermore, although the initial capacity is decreased with the addition of Fe to AR3
powder, the maintained capacity at higher cycle number is much higher than the
original or modified AR3 powder with other additions. Addition of Fe also shows
significant improvement in cycle stability in our thin film results.Batteries 2016, 2, 27 7 of 19 
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Figure 6. Cycling performances of MS + MA AR3 powders with (a) no additive; (b) 1 wt% Fe; (c) 1 
wt% Si; and (d) 1 wt% Zr MA for 3 h with 100 mA·g−1 charge and discharge current densities. Cycle 
stability in the bulk form is much worse compared to that in the thin film form. While the addition of 
Si or Zr in the MA process does not affect the cycling performance, the addition of Fe reduces the 
capacity degradation. Although the initial capacity is decreased with the addition of Fe, the 
maintained capacity at higher cycle number is much higher than the original or modified AR3 powder 
with other additions. 

Figure 7 shows TEM micrographs of the AR3 powder sample made by MS + MA, and it reveals 
that the material density is not uniform. Large areas with lower density (brighter contrast) are found 

Figure 5. XRD patterns from MS AR3 ribbon samples (a) before and (b) after
MA. With MA, the microstructure changes from polycrystalline Mg2Ni and MgNi2
phases to amorphous MgNi and microcrystalline Mg2Ni and MgNi2 phases.
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Figure 6. Cycling performances of MS + MA AR3 powders with (a) no additive;
(b) 1 wt% Fe; (c) 1 wt% Si; and (d) 1 wt% Zr MA for 3 h with 100 mA·g−1 charge
and discharge current densities. Cycle stability in the bulk form is much worse
compared to that in the thin film form. While the addition of Si or Zr in the MA
process does not affect the cycling performance, the addition of Fe reduces the
capacity degradation. Although the initial capacity is decreased with the addition
of Fe, the maintained capacity at higher cycle number is much higher than the
original or modified AR3 powder with other additions.

Figure 7 shows TEM micrographs of the AR3 powder sample made by MS + MA,
and it reveals that the material density is not uniform. Large areas with lower
density (brighter contrast) are found alongside the scroll-type denser regions (darker
contrast). This type of microstructure cannot form the protective oxide layer that
prevents further oxidation found in other MH alloys [52] and consequently causes
the more severe degradation observed in the bulk form compared to that the thin
film form. Therefore, in order to magnify the effect of electrolyte composition
modification, the AR3 powder made by MS + MA is the perfect candidate for
the current study on corrosion of MH alloy in electrolytes composed of various
hydroxides, despite the fact that we have developed a series of new compositions
based on the quaternary AR3 composition, new surface treatments, coatings,
binder/surfactant additions, and other methods to improve the cycle stability of
MgNi-based MH alloys.
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3.3. Conductivities of Various Hydroxide Electrolytes 

Room temperature conductivities of different concentrations of KOH and other hydroxide 
aqueous solutions were measured and then normalized to that of 6 M KOH aqueous solution, and 
the results are summarized in Table A1 in Appendix. Due to its low solubility, no effect on 
conductivity is observed with the addition of Mg(OH)2, Ca(OH)2, Sr(OH)2, or Ba(OH)2 in 6 M KOH 
aqueous solution. Moreover, as a representative example, the electrolyte conductivities are plotted 
against the total OH− concentration in solution for 1 M LiOH, NaOH, RbOH, and CsOH, and 0.6 M 
and 1.2 M tEAOH (tetraethylammonium hydroxide) in various concentrations of KOH aqueous 
solutions in Figure 8. As the total OH− concentration increases, the electrolyte conductivity increases. 
Also, at any fixed KOH concentration, the electrolyte conductivity increases in agreement with the 
following trend: tEAOH < LiOH < NaOH < RbOH < CsOH addition. However, none of the 
conductivities of mixed hydroxide electrolytes exceeds that of pure KOH aqueous solution. 
According to Stokes’ Law, as the object size increases, it experiences more friction or drag when 
moving through fluid, as indicated in the equation for a spherical particle object: ζ = 6πη  (1) 

where ζ is the drag coefficient of object, η is the fluid viscosity, and r is the object radius. The drag 
coefficient also presents in the Einstein relation: = kζ  (2) 

Figure 7. Transmission electron microscope (TEM) micrographs at (a) ×100,000
and (b) ×200,000 magnifications of the AR3 powder made by MS + MA at different
magnifications. The cellular structures seen in the micrographs are from the
cross-section of a sponge-scroll type of microstructure. Areas with darker contrast
represent the scroll-type denser regions.

3.3. Conductivities of Various Hydroxide Electrolytes

Room temperature conductivities of different concentrations of KOH and other
hydroxide aqueous solutions were measured and then normalized to that of 6 M
KOH aqueous solution, and the results are summarized in Table A1 in Appendix.
Due to its low solubility, no effect on conductivity is observed with the addition of
Mg(OH)2, Ca(OH)2, Sr(OH)2, or Ba(OH)2 in 6 M KOH aqueous solution. Moreover,
as a representative example, the electrolyte conductivities are plotted against the
total OH− concentration in solution for 1 M LiOH, NaOH, RbOH, and CsOH, and
0.6 M and 1.2 M tEAOH (tetraethylammonium hydroxide) in various concentrations
of KOH aqueous solutions in Figure 8. As the total OH− concentration increases,
the electrolyte conductivity increases. Also, at any fixed KOH concentration, the
electrolyte conductivity increases in agreement with the following trend: tEAOH <
LiOH < NaOH < RbOH < CsOH addition. However, none of the conductivities of
mixed hydroxide electrolytes exceeds that of pure KOH aqueous solution. According
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to Stokes’ Law, as the object size increases, it experiences more friction or drag when
moving through fluid, as indicated in the equation for a spherical particle object:

ζ = 6πηr (1)

where ζ is the drag coefficient of object, η is the fluid viscosity, and r is the object
radius. The drag coefficient also presents in the Einstein relation:

D =
kBT
ζ

(2)

where D is the diffusion coefficient, kB is the Boltzmann’s constant, and T is the
absolute temperature. Thus, the diffusion coefficient can be directly related to the
size of object moving in fluid by combining Equations (1) and (2), which gives the
Stokes-Einstein-Sutherland equation:

D =
kBT
6πηr

(3)
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conductivity is determined by the combination of contributions from both the cation and anion 
species, which can be expressed by the Kohlrausch’s law of independent migration of ions: Λ = Λ , ν Λ ,  (5) 

where Λ , Λ , , and Λ ,  are the limiting molar conductivities of electrolyte, cation, and anion, 
respectively, and ν+ and ν– are the stoichiometric coefficients of cation and anion, respectively. Since 
the anion species in the current study is unchanged, the observed differences in overall electrolyte 
conductivity are caused by the various cation species. As the cation size increases, the diffusion 
coefficient decreases, and the limiting molar conductivity consequently decreases. Among all the 
cation species in the current study, tEA+ is the largest and results in the lowest conductivity upon 
tEAOH addition. However, this trend is not observed with the smaller alkali cations. When the cation 
size is very small, the cation has higher charge density and therefore shows a higher tendency to 
attract water molecules. In other words, a smaller cation has a larger amount of surrounding water, 
which makes its transport in solution more difficult (higher drag coefficient and lower diffusion 
constant) and contributes to the observed lower electrolyte conductivity. The normalized electrolyte 
conductivities of alkali hydroxides at the same level of addition in 4 M KOH aqueous solution are 
plotted against the cation radii in Figure 9, and a linear dependency with a very high correlation 
factor (R2) is clearly demonstrated. In addition, adding hydroxides with other alkali cations in KOH 
aqueous solution reduces the electrolyte conductivity slightly compared to pure KOH aqueous 
solution (5 M KOH aqueous solution has approximately the same conductivity as 6 M KOH aqueous 

Figure 8. Plot of conductivities normalized to that of 6 M KOH aqueous solution vs.
the total OH− concentration in solution for various hydroxide aqueous solutions.
The KOH concentration is the difference between the total OH− concentration and
additive concentration. As the total OH− concentration increases, the electrolyte
conductivity increases. Also, at any fixed KOH concentration, the electrolyte
conductivity increases in the order of tetraethylammonium hydroxide (tEAOH) <
LiOH < NaOH < RbOH < CsOH addition.
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Furthermore, molar conductivity of each ionic species in solution can be linked
to the diffusion coefficient by the Nernst-Einstein equation:

Λ0
m,i =

(
F2

RT

)
z2

i Di (4)

where Λ0
m,i is the limiting molar conductivity (molar conductivity at the limit of

infinite dilution) of ionic species, F is the Faraday constant, R is the gas constant,
zi is the charge number of ionic species, and Di is the diffusion coefficient of ionic
species. In the case of hydroxide solution, electrolyte conductivity is determined by
the combination of contributions from both the cation and anion species, which can
be expressed by the Kohlrausch’s law of independent migration of ions:

Λ0
m = ν+Λ0

m,+ + ν−Λ0
m,− (5)

where Λ0
m, Λ0

m,+, and Λ0
m,− are the limiting molar conductivities of electrolyte, cation,

and anion, respectively, and ν+ and ν– are the stoichiometric coefficients of cation
and anion, respectively. Since the anion species in the current study is unchanged,
the observed differences in overall electrolyte conductivity are caused by the various
cation species. As the cation size increases, the diffusion coefficient decreases, and
the limiting molar conductivity consequently decreases. Among all the cation species
in the current study, tEA+ is the largest and results in the lowest conductivity upon
tEAOH addition. However, this trend is not observed with the smaller alkali cations.
When the cation size is very small, the cation has higher charge density and therefore
shows a higher tendency to attract water molecules. In other words, a smaller cation
has a larger amount of surrounding water, which makes its transport in solution more
difficult (higher drag coefficient and lower diffusion constant) and contributes to the
observed lower electrolyte conductivity. The normalized electrolyte conductivities
of alkali hydroxides at the same level of addition in 4 M KOH aqueous solution are
plotted against the cation radii in Figure 9, and a linear dependency with a very high
correlation factor (R2) is clearly demonstrated. In addition, adding hydroxides with
other alkali cations in KOH aqueous solution reduces the electrolyte conductivity
slightly compared to pure KOH aqueous solution (5 M KOH aqueous solution
has approximately the same conductivity as 6 M KOH aqueous solution at room
temperature, which has the normalized conductivity value of 100%), indicating
that a pure electrolyte system may have higher electrolyte conductivity than a
heterogeneous electrolyte system at the same OH− solution concentration. Such
a phenomenon is interesting to observe and deserves further investigation of, for
example, the effect of interaction between cations in a heterogeneous hydroxide
electrolyte system on conductivity.
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3.4. Corrosion Performances in Various Hydroxide Electrolytes 
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Figure 9. Plot of the conductivities of 4 M KOH + 1 M XOH aqueous solutions
normalized to that of 6 M KOH aqueous solution vs. the cation sizes of alkali
elements Xs.

3.4. Corrosion Performances in Various Hydroxide Electrolytes

The AR3 powder made by MS + MA is used as the negative electrode material
for the corrosion study in various hydroxide aqueous solutions. Before studying
the relative corrosion strengths of different electrolytes, an evaluation of capacity
degradation must be established. We use three hypothetic electrolytes (Electrolytes
1, 2, and 3) in Figure 10 as the representatives to explain and describe the differences
in discharge characteristics in various hydroxide aqueous solutions observed in
the current study. Looking closely at the first cycle discharge voltage profiles from
half-cells with the three different electrolytes (Figure 10a), the largest initial discharge
capacity is observed with Electrolyte 1. The difference in discharge voltage curve
length indicates that Electrolyte 1 has the strongest activation power compared to
Electrolytes 2 and 3. In other words, Electrolyte 1 activates the largest portion of MH
alloy within the same initial charging period as in Electrolytes 2 and 3, which is the
main reason for its superior initial capacity performance. However, higher activation
power also corresponds to stronger corrosion strength, increasing in the order of
Electrolyte 3 < Electrolyte 2 < Electrolyte 1. The discharge capacities are plotted
against the cycle number in Figure 10b, and the degradation in Electrolyte 1 is worse
(higher capacity loss per cycle) compared to that in Electrolyte 3. Therefore, in order
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to separate the contribution of activation to degradation, degradation calculation in
this study is defined as:

Degradation in capacity loss % per cycle =
Caphigh − Caplow(

nhigh − nlow

)
Caphigh

× 100% (6)

where Caphigh and Caplow are the highest and lowest capacities throughout cycling
(Caphigh is usually the initial capacity in the current study), respectively, and nhigh
and nlow are the corresponding cycle numbers. It is worth noting that a positive
correlation is found between the activation power and electrolyte conductivity in
the current study, i.e., electrolyte conductivity increases in the order of Electrolyte
3 < Electrolyte 2 < Electrolyte 1. The highest conductivity of Electrolyte 1 (or the
lowest internal resistance, as observed from its highest voltage plateau in Figure 10a)
is also a contributing factor for its highest initial capacity, albeit minor compared
to the influence of activation power. Therefore, the contribution of conductivity on
capacity is neglected in the degradation calculation.Batteries 2016, 2, 27 11 of 19 
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Figure 10. Schematics of (a) the first cycle discharge voltage profiles and (b) capacity cycle data from 
three hypothetical electrolytes with different activation powers (Electrolyte 3 < Electrolyte 2 < 
Electrolyte 1). Electrolyte 1 with the fastest activation shows the highest plateau voltage (lowest 
impedance) and consequently the highest initial capacity. However, activation power is strongly 
associated with corrosion strength, so Electrolyte 1 also exhibits the highest degradation rate. 

Room temperature degradation of different concentrations of KOH and/or other hydroxide 
aqueous solutions were measured, and the results are summarized in Table A2 in Appendix. Due to 
its low solubility, no effect on degradation is observed with the addition of Mg(OH)2, Ca(OH)2, 
Sr(OH)2, or Ba(OH)2 in 6 M KOH aqueous solution. For the pure KOH aqueous solution systems at 
various concentrations, the initial capacities and degradations normalized to those of 6 M KOH 
aqueous solution are plotted against the total OH− concentration in solution in Figure 11a,b, 
respectively. Even after the attempt to eliminate the contribution of activation on degradation, a 
strong similarity between the initial capacity and degradation performances is still present, meaning 
that activation and corrosion are very closely related and cannot be completely separated by our 
calculation for KOH-based electrolytes. Such correlation can also be seen in mixed electrolytes. For 
example, a resemblance between the initial capacity (Figure 12a) and degradation (Figure 12b) 
performances in various electrolyte mixtures of KOH and LiOH can be observed. It is also interesting 
to find that higher OH− concentrations in electrolytes do not necessarily correspond to higher 
corrosion. 
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Figure 11. Plots of (a) the initial capacities and (b) degradation performances normalized to those of 
6 M KOH aqueous solution vs. the total OH− concentration in solution for several pure KOH aqueous 
solution systems. 

Figure 10. Schematics of (a) the first cycle discharge voltage profiles and (b) capacity
cycle data from three hypothetical electrolytes with different activation powers
(Electrolyte 3 < Electrolyte 2 < Electrolyte 1). Electrolyte 1 with the fastest activation
shows the highest plateau voltage (lowest impedance) and consequently the highest
initial capacity. However, activation power is strongly associated with corrosion
strength, so Electrolyte 1 also exhibits the highest degradation rate.

Room temperature degradation of different concentrations of KOH and/or
other hydroxide aqueous solutions were measured, and the results are summarized
in Table A2 in Appendix. Due to its low solubility, no effect on degradation is
observed with the addition of Mg(OH)2, Ca(OH)2, Sr(OH)2, or Ba(OH)2 in 6 M
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KOH aqueous solution. For the pure KOH aqueous solution systems at various
concentrations, the initial capacities and degradations normalized to those of 6 M
KOH aqueous solution are plotted against the total OH− concentration in solution
in Figure 11a,b, respectively. Even after the attempt to eliminate the contribution
of activation on degradation, a strong similarity between the initial capacity and
degradation performances is still present, meaning that activation and corrosion
are very closely related and cannot be completely separated by our calculation for
KOH-based electrolytes. Such correlation can also be seen in mixed electrolytes. For
example, a resemblance between the initial capacity (Figure 12a) and degradation
(Figure 12b) performances in various electrolyte mixtures of KOH and LiOH can be
observed. It is also interesting to find that higher OH− concentrations in electrolytes
do not necessarily correspond to higher corrosion.

1 
 

 

 
(a) (b) 

 
Figure 11. Plots of (a) the initial capacities and (b) degradation performances
normalized to those of 6 M KOH aqueous solution vs. the total OH− concentration
in solution for several pure KOH aqueous solution systems.

As a representative example, the degradation performances compared to that
of 6 M KOH aqueous solution are plotted against the total OH− concentration in
solution for 1 M LiOH, NaOH, RbOH, and CsOH, and 0.6 M tEAOH in 5 M KOH
aqueous solution in Figure 13. With regard to lowering the corrosion strength of pure
KOH aqueous solution, both NaOH and tEAOH additions are beneficial while CsOH,
RbOH, and LiOH additions worsen the degradation behavior. More specifically, the
degradation performance improves in the trend of LiOH < RbOH < CsOH < KOH <
tEAOH < NaOH addition. Since the anion species in the current study is unchanged,
the differences in degradation are caused by the various cation species. The trend in
reactivity series of alkali elements was considered to be responsible for the observed
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degradation trend, which increases in the order of Cs < Rb < K < Na < Li. Interestingly,
it is clear that the two trends do not correlate very well. Determination of reactivity
relies on the element characteristics alone, so the trend in reactivity series is similar
to another qualitative measure: ionization energy. However, the element’s reaction
partner also affects the reactivity of reaction. For example, for the reaction of an
alkali element in water, the element’s characteristics and interaction with water, such
as enthalpy of sublimation ( M(s) → M(g) ), ionization energy ( M(g) → M+

(g) + e− ),

and enthalpy of dissolution ( M+
(g) → M+

(aq) ), must be taken into consideration in
predicting how reactive the reaction is. Therefore, the qualitative electrochemical
series is used to correlate with the degradation trend. The degradation performances
of alkali hydroxides at the same level of addition in 5 M KOH aqueous solution
are plotted against the standard redox potential in Figure 14, resulting in a linear
dependency with a high R2. Due to the lowest and highest redox potentials of
Li and Na, respectively, the addition of LiOH appears to be the most corrosive
while the addition of NaOH retards degradation. Consequently, NaOH is used
as an electrolyte supplement for HT applications, where corrosion is much more
aggressive, and LiOH is added in electrolyte to increase electrolyte activity for the LT
discharge performance in Ni/MH battery [53].Batteries 2016, 2, 27 12 of 19 
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activation power and a higher degradation compared to the mixed solutions in the same series. Such 
abnormality was found in many similar cases in this study (see data in Table B1). 
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( → ), ionization energy ( → e ), and enthalpy of dissolution ( → ), must 
be taken into consideration in predicting how reactive the reaction is. Therefore, the qualitative 
electrochemical series is used to correlate with the degradation trend. The degradation performances 
of alkali hydroxides at the same level of addition in 5 M KOH aqueous solution are plotted against 
the standard redox potential in Figure 14, resulting in a linear dependency with a high R2. Due to the 
lowest and highest redox potentials of Li and Na, respectively, the addition of LiOH appears to be 
the most corrosive while the addition of NaOH retards degradation. Consequently, NaOH is used as 
an electrolyte supplement for HT applications, where corrosion is much more aggressive, and LiOH 
is added in electrolyte to increase electrolyte activity for the LT discharge performance in Ni/MH 
battery [53]. 

Figure 12. Plots of (a) the initial capacities and (b) degradation performances
normalized to those of 6 M KOH aqueous solution vs. the total OH− concentration
in solution for various electrolyte mixtures of KOH and LiOH. The trends in
activation power (indicated by the initial capacity) and degradation are similar:
higher total OH− concentration in solution corresponds to higher activation power
and degradation. However, an exception is observed with the KOH-free solution
with lower OH− concentration (the leftmost data point of the 3 M LiOH series),
which unexpectedly shows a higher activation power and a higher degradation
compared to the mixed solutions in the same series. Such abnormality was found
in many similar cases in this study (see data in Table A2 in Appendix).
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without sacrificing excessive amounts of conductivity, tEAOH is also a good candidate if electrolyte 
conductivity is not a major concern for the application (e.g., high energy Ni/MH battery without strict 
power requirements). We plan to continue this electrolyte study with additions of other organic 
hydroxides and amphoteric hydroxides/oxides, such as quaternary ammonium hydroxides, 
bis(ethylenediamine) copper(II) hydroxide, choline base solution, tetrabutylphosphonium 
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candidates that fall in Quadrant IV. 

Figure 13. An example from the electrolyte degradation study. The KOH
concentration is 5 M, and the concentrations of additions are 1 M for LiOH, NaOH,
RbOH, and CsOH, and 0.6 M for tEAOH.

Batteries 2016, 2, 27 13 of 19 

 
Figure 13. An example from the electrolyte degradation study. The KOH concentration is 5 M, and 
the concentrations of additions are 1 M for LiOH, NaOH, RbOH, and CsOH, and 0.6 M for tEAOH. 

 
Figure 14. Plot of the degradation performances of 5 M KOH + 1 M XOH aqueous solutions 
normalized to that of 6 M KOH aqueous solution vs. the standard redox potentials of alkali elements 
Xs. 

The entire data sets from Appendix are plotted in Figure 15. Most of the data plot to Quadrant 
III (with lower degradation but also lower conductivity). Those points in Quadrant II show lower 
conductivity and higher degradation and represent the most unsuitable electrolytes. From this chart, 
we also find that while NaOH and CsOH additions can reduce the corrosive nature of an electrolyte 
without sacrificing excessive amounts of conductivity, tEAOH is also a good candidate if electrolyte 
conductivity is not a major concern for the application (e.g., high energy Ni/MH battery without strict 
power requirements). We plan to continue this electrolyte study with additions of other organic 
hydroxides and amphoteric hydroxides/oxides, such as quaternary ammonium hydroxides, 
bis(ethylenediamine) copper(II) hydroxide, choline base solution, tetrabutylphosphonium 
hydroxide, hexamethonium hydroxide, and zinc oxide/hydroxide, in order to find possible 
candidates that fall in Quadrant IV. 

Figure 14. Plot of the degradation performances of 5 M KOH + 1 M XOH aqueous
solutions normalized to that of 6 M KOH aqueous solution vs. the standard redox
potentials of alkali elements Xs.

The entire data sets from Appendix are plotted in Figure 15. Most of the data
plot to Quadrant III (with lower degradation but also lower conductivity). Those
points in Quadrant II show lower conductivity and higher degradation and represent
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the most unsuitable electrolytes. From this chart, we also find that while NaOH
and CsOH additions can reduce the corrosive nature of an electrolyte without
sacrificing excessive amounts of conductivity, tEAOH is also a good candidate
if electrolyte conductivity is not a major concern for the application (e.g., high
energy Ni/MH battery without strict power requirements). We plan to continue
this electrolyte study with additions of other organic hydroxides and amphoteric
hydroxides/oxides, such as quaternary ammonium hydroxides, bis(ethylenediamine)
copper(II) hydroxide, choline base solution, tetrabutylphosphonium hydroxide,
hexamethonium hydroxide, and zinc oxide/hydroxide, in order to find possible
candidates that fall in Quadrant IV.Batteries 2016, 2, 27 14 of 19 
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solutions. Both quantities are normalized to those of 6 M KOH aqueous solution. Vertical and 
horizontal lines corresponding to the values from standard 6 M KOH aqueous solution divide the 
plot into Quadrants I, II, III, and IV. While the solutions in Quadrant II are less desirable (lower 
conductivity and higher degradation), those in Quadrant III represent a compromise between 
conductivity and degradation (lower conductivity and lower degradation). Future research will focus 
on finding solutions in Quadrant IV. Data originate from Appendix. 

4. Conclusions 

Using a quaternary MgNiCoMn MH alloy powder prepared by MS followed by MA, we have 
shown a clear map of the balancing of conductivity for a reduction in corrosive nature of electrolyte 
and lower capacity degradation in KOH-based electrolytes. Among all modifying hydroxides, 
NaOH, CsOH, and (C2H5)4N(OH) show the best conductivity/degradation results. Combining the 
results from this study on various hydroxides with other methods of improving negative electrode 
cyclability, such as salt/surfactant additions, surface coatings/treatments, and composition 
optimizations, the use of high-capacity MgNi-based MH alloy in commercial Ni/MH battery is 
possible. 
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Figure 15. Plot of the degradation performances vs. the conductivities for various
hydroxide aqueous solutions. Both quantities are normalized to those of 6 M KOH
aqueous solution. Vertical and horizontal lines corresponding to the values from
standard 6 M KOH aqueous solution divide the plot into Quadrants I, II, III, and IV.
While the solutions in Quadrant II are less desirable (lower conductivity and higher
degradation), those in Quadrant III represent a compromise between conductivity
and degradation (lower conductivity and lower degradation). Future research will
focus on finding solutions in Quadrant IV. Data originate from Appendix.

4. Conclusions

Using a quaternary MgNiCoMn MH alloy powder prepared by MS followed
by MA, we have shown a clear map of the balancing of conductivity for a reduction
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in corrosive nature of electrolyte and lower capacity degradation in KOH-based
electrolytes. Among all modifying hydroxides, NaOH, CsOH, and (C2H5)4N(OH)
show the best conductivity/degradation results. Combining the results from this
study on various hydroxides with other methods of improving negative electrode
cyclability, such as salt/surfactant additions, surface coatings/treatments, and
composition optimizations, the use of high-capacity MgNi-based MH alloy in
commercial Ni/MH battery is possible.
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Appendix A.

Table A1. Room temperature conductivities of electrolytes with various
concentrations of KOH and other hydroxides normalized to that of 6 M KOH aqueous
solution. Electrolyte with conductivity value higher than 100% implies that it is more
conductive compared to the standard electrolyte (6 M KOH aqueous solution).

Content KOH
(M)

X(OH)y
(M)

[OH−]
(M)

Conductivity
(%) Content KOH

(M)
X(OH)y

(M)
[OH−]

(M)
Conductivity

(%)

X = Li, y = 1

0.00 3.00 3.00 43.43

X = Na, y = 1

0.00 1.00 1.00 32.70
0.00 4.00 4.00 51.15 0.00 2.00 2.00 53.15
1.00 3.00 4.00 59.61 0.00 3.00 3.00 62.71
1.00 4.00 5.00 64.96 0.00 4.00 4.00 65.23
2.00 1.00 3.00 66.64 0.00 5.00 5.00 63.33
2.00 3.00 5.00 72.41 0.00 6.00 6.00 58.47
2.00 4.00 6.00 73.06 1.00 1.00 2.00 57.48
3.00 1.00 4.00 80.02 1.00 2.00 3.00 67.98
4.00 1.00 5.00 88.65 1.00 3.00 4.00 72.19
5.00 1.00 6.00 93.29 1.00 4.00 5.00 70.02
5.50 0.50 6.00 97.23 1.00 5.00 6.00 64.41
6.00 0.50 6.50 98.03 2.00 1.00 3.00 72.13

X = Rb, y = 1

0.00 1.00 1.00 28.79 2.00 2.00 4.00 77.44
0.00 2.00 2.00 50.18 2.00 3.00 5.00 75.93
0.00 3.00 3.00 66.16 2.00 4.00 6.00 71.31
0.00 4.00 4.00 51.08 3.00 1.00 4.00 82.89
0.00 5.00 5.00 58.26 3.00 2.00 5.00 82.71
0.00 6.00 6.00 89.38 3.00 3.00 6.00 78.60
1.00 1.00 2.00 54.83 4.00 1.00 5.00 89.96
1.00 2.00 3.00 69.90 5.00 1.00 6.00 92.27
1.00 3.00 4.00 53.39 5.50 0.50 6.00 95.16
1.00 4.00 5.00 61.53 6.00 0.50 6.50 97.21

1.00 5.00 6.00 68.47

X = Cs, y = 1

0.00 1.00 1.00 36.18
2.00 1.00 3.00 74.04 0.00 3.00 3.00 78.65
2.00 2.00 4.00 83.90 0.00 4.00 4.00 78.10
2.00 3.00 5.00 88.69 0.00 5.00 5.00 53.39
2.00 4.00 6.00 70.78 0.00 6.00 6.00 100.31
3.00 1.00 4.00 84.95 1.00 1.00 2.00 59.81
3.00 2.00 5.00 91.47 1.00 2.00 3.00 50.59
3.00 3.00 6.00 94.65 1.00 4.00 5.00 61.59
4.00 1.00 5.00 93.68 1.00 5.00 6.00 71.33
4.00 2.00 6.00 96.59 2.00 1.00 3.00 79.92
5.00 1.00 6.00 98.66 2.00 3.00 5.00 60.30
5.50 0.50 6.00 99.68 2.00 4.00 6.00 71.26
6.00 0.50 6.50 100.93 3.00 1.00 4.00 88.99

X = tEA, y = 1

0.00 0.62 0.62 20.13 3.00 3.00 6.00 69.31
0.00 1.24 1.24 24.55 4.00 1.00 5.00 95.97
0.00 1.86 1.86 24.83 5.00 1.00 6.00 98.78
1.00 0.62 1.62 38.87 5.50 0.50 6.00 99.95
1.00 1.24 2.24 37.29 6.00 0.50 6.50 101.21

1.00 1.86 2.86 32.94

X = Mg, y = 2 6.00 0.0130 6.0259 99.58
2.00 0.62 2.62 52.90
2.00 1.24 3.24 46.27
2.00 1.86 3.86 38.71

2.00 2.48 4.48 31.31
X = Ca, y = 2 6.00 0.0180 6.0360 98.813.00 0.62 3.62 61.80

3.00 1.24 4.24 56.29
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Table A1. Cont.

Content KOH
(M)

X(OH)y
(M)

[OH−]
(M)

Conductivity
(%) Content KOH

(M)
X(OH)y

(M)
[OH−]

(M)
Conductivity

(%)

3.00 1.86 4.86 41.75
X = Sr, y = 2 6.00 0.0004 6.0008 98.734.00 0.62 4.62 69.22

4.00 1.24 5.24 73.48

5.00 0.62 5.62 75.74
X = Ba, y = 2 6.00 0.0005 6.0011 98.745.50 0.31 5.81 83.96

6.00 0.31 6.31 85.68

Table A2. Room temperature degradation performances (defined as percentage
capacity loss per cycle) of electrolytes with various concentrations of KOH and
other hydroxides normalized to that of 6 M KOH aqueous solution. Electrolyte
with degradation value higher than 100% implies that it is more corrosive compared
to the standard electrolyte (6 M KOH aqueous solution).

Content KOH
(M)

X(OH)y
(M)

[OH−]
(M)

Degradation
(%) Content KOH

(M)
X(OH)y

(M)
[OH−]

(M)
Degradation

(%)

X = Li, y = 1

1.00 0.00 1.00 101.92

X = Na, y = 1

0.00 1.00 1.00 82.11
2.00 0.00 2.00 104.64 0.00 2.00 2.00 117.41
3.00 0.00 3.00 110.26 0.00 3.00 3.00 114.34
4.00 0.00 4.00 104.69 0.00 4.00 4.00 75.89
5.00 0.00 5.00 116.52 0.00 5.00 5.00 65.91
5.50 0.00 5.50 83.76 0.00 6.00 6.00 67.41
6.00 0.00 6.00 100.00 1.00 1.00 2.00 89.07
0.00 3.00 3.00 108.06 1.00 2.00 3.00 103.36
0.00 4.00 4.00 104.05 1.00 3.00 4.00 78.91
1.00 3.00 4.00 109.58 1.00 4.00 5.00 65.76
1.00 4.00 5.00 113.00 1.00 5.00 6.00 64.64
2.00 1.00 3.00 97.59 2.00 1.00 3.00 91.91
2.00 3.00 5.00 107.62 2.00 2.00 4.00 106.48
2.00 4.00 6.00 112.67 2.00 3.00 5.00 89.88
3.00 1.00 4.00 104.37 2.00 4.00 6.00 89.46
4.00 1.00 5.00 101.92 3.00 1.00 4.00 89.90
5.00 1.00 6.00 114.28 3.00 2.00 5.00 105.34
5.50 0.50 6.00 108.68 3.00 3.00 6.00 103.66
6.00 0.50 6.50 117.71 4.00 1.00 5.00 103.81

X = Rb, y = 1

0.00 1.00 1.00 107.00 5.00 1.00 6.00 92.73
0.00 2.00 2.00 104.29 5.50 0.50 6.00 94.45
0.00 3.00 3.00 92.36 6.00 0.50 6.50 112.35

0.00 4.00 4.00 86.38

X = Cs, y = 1

0.00 1.00 1.00 82.36
0.00 5.00 5.00 95.83 0.00 2.00 2.00 81.80
0.00 6.00 6.00 102.33 0.00 3.00 3.00 85.26
1.00 1.00 2.00 101.22 0.00 4.00 4.00 77.61
1.00 2.00 3.00 107.25 0.00 5.00 5.00 90.85
1.00 3.00 4.00 84.30 0.00 6.00 6.00 107.00
1.00 4.00 5.00 86.97 1.00 1.00 2.00 76.35
1.00 5.00 6.00 88.66 1.00 2.00 3.00 79.92
2.00 1.00 3.00 98.37 1.00 3.00 4.00 82.31
2.00 2.00 4.00 112.52 1.00 4.00 5.00 94.88
2.00 3.00 5.00 95.00 1.00 5.00 6.00 92.78
2.00 4.00 6.00 92.46 2.00 1.00 3.00 88.79
3.00 1.00 4.00 104.29 2.00 2.00 4.00 77.35
3.00 2.00 5.00 111.65 2.00 3.00 5.00 86.31
3.00 3.00 6.00 98.37 2.00 4.00 6.00 93.55
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Table A2. Cont.

Content KOH
(M)

X(OH)y
(M)

[OH−]
(M)

Degradation
(%) Content KOH

(M)
X(OH)y

(M)
[OH−]

(M)
Degradation

(%)

4.00 1.00 5.00 107.25 3.00 1.00 4.00 89.42
4.00 2.00 6.00 112.63 3.00 2.00 5.00 81.53
5.00 1.00 6.00 112.52 3.00 3.00 6.00 86.18
5.50 0.50 6.00 111.65 4.00 1.00 5.00 103.22
6.00 0.50 6.50 109.97 4.00 2.00 6.00 76.46

X = tEA, y = 1

0.00 0.62 0.62 82.42 5.00 1.00 6.00 104.51
0.00 1.24 1.24 76.59 5.50 0.50 6.00 97.03
0.00 1.86 1.86 76.97 6.00 0.50 6.50 104.57

0.00 2.48 2.48 85.49

X = Mg, y = 2 6.00 0.0130 6.0259 98.38
1.00 0.62 1.62 78.96
1.00 1.24 2.24 74.06
1.00 1.86 2.86 75.89
1.00 2.48 3.48 75.15
2.00 0.62 2.62 76.65

X = Ca, y = 2 6.00 0.0180 6.0360 98.29
2.00 1.24 3.24 83.52
2.00 1.86 3.86 85.17
2.00 2.48 4.48 93.69
3.00 0.62 3.62 81.94

X = Sr, y = 2 6.00 0.0004 6.0008 96.13
3.00 1.24 4.24 78.27
3.00 1.86 4.86 84.33
4.00 0.62 4.62 83.07
4.00 1.24 5.24 84.43

X = Ba, y = 2 6.00 0.0005 6.0011 97.90
5.00 0.62 5.62 93.81
5.50 0.31 5.81 98.44
6.00 0.31 6.31 97.26
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Effects of Salt Additives to the KOH
Electrolyte Used in Ni/MH Batteries
Suli Yan, Kwo-Hsiung Young and K.Y. Simon Ng

Abstract: KOH-based electrolytes with different salt additives were investigated to
reduce their corrosive nature toward Mg/Ni metal hydride alloys used as negative
electrodes in nickel metal hydride (Ni/MH) batteries. Alkaline metal halide salts
and oxyacid salts were studied as additives to the traditional KOH electrolyte with
concentrations varying from 0.005 M to 1.77 M. Effects of the cations and anions
of the additives on charge/discharge performance are discussed. The reduction
potential of alkaline cations and radii of halogen anions were correlated with initial
capacity and degradation of the metal hydride alloy. A synergistic effect between
KOH and some oxyacid salt additives was observed and greatly influenced by the
nature of the salt additives. It was suggested that both the formation of a solid
film over the metal hydride surface and the promotion of proton transfer in the
additives containing electrolytes led to a decreased degradation of the electrodes and
an increased discharge capacity. 12 salt additives, NaC2H3O2, KC2H3O2, K2CO3,
Rb2CO3, Cs2CO3, K3PO4, Na2WO4, Rb2SO4, Cs2SO4, NaF, KF, and KBr, were found
to increase the corrosion resistance of the MgNi-based metal hydride alloy.

Reprinted from Batteries. Cite as: Yan, S.; Young, K.-H.; Ng, K.Y.S. Effects of Salt
Additives to the KOH Electrolyte Used in Ni/MH Batteries. Batteries 2015, 1, 54–73.

1. Introduction

Nickel metal hydride (Ni/MH) batteries are currently one of the most widely
used energy storage devices with many applications including hybrid electric
vehicles, vacuum cleaners, electric toys, power tools, cordless phones, etc. [1,2].
They have many advantages such as having a high specific power, excellent tolerance
to abuse, long cycle life, wide temperature operation range, and low self-discharge.
Facing competition from Li-ion batteries, scientists continue to improve the various
properties of Ni/MH batteries. One of the key areas demanding immediate attention
is the gravimetric energy density.

A basic Ni/MH battery consists of an assembly of a highly conductive
electrolyte, a metal hydride (MH) negative electrode, and a nickel hydroxide positive
electrode. The cell reactions on the electrodes are shown in following equations:

Negative electrode: M + H2O + e− 
 OH− + MH (1)

Positive electrode: Ni(OH)2 + OH− 
 NiOOH + H2O + e− (2)
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The most widely used electrolytes are pure KOH aqueous solutions with
concentrations in the range of 20–36 wt% because these solutions are highly
conductive and can efficiently convey protons in an electric field. AB5 and A2B7

type MH alloys with electrocapacity in the range of 300–350 mAh·g−1 have been
commercialized as the negative electrodes for a long time. For the positive electrode,
β-Ni(OH)2 co-precipitated with Co and Zn with an energy density of about 240
mAh·g−1 is the most commonly used material.

During charge, a negative voltage (with respect to the counter electrode) is
applied to the MH electrode, and electrons enter the metal through the current
collector to neutralize the protons produced from the splitting of water that occurs at
the metal/electrolyte interface. During discharge, protons in the MH leave the
surface and recombine with OH− in the alkaline electrolyte to form H2O and
the resulting charge neutrality pushes the electrons out of the MH through the
current collector, performing electrical work in the outer circuitry. Due to their
demanding applications in Ni/MH batteries, MH alloys are required to possess a
high capacity and moderate hydride stability. Iwakura et al. [3] and Geng et al. [4]
tested the pressure-composition-temperature (P-C-T) isotherm curves of MH alloys,
and correlated the hydrogen content with electrochemical potential through the
Nernst equation. It was found that higher hydrogen content of alloys lead to higher
electrochemical capacity. A wide set of hydrogen storage electrode alloys, other
than AB5 and A2B7 type, have been reported to contain high hydrogen content
and high electrochemical capacity. Among them, MgNi-based amorphous and
nanocrystalline MH alloys are reported to have higher capacity than those in AB5

and A2B7 [5,6]. For example, Young and Nei [7] reported that the theoretical capacity
of MgNi metal alloys is about 1080 mAh·g−1 and Anik et al. [8] reported that the
practical electrocapacity values of MgNi and Mg0.9M0.1Ni (M = B, Ti, and Zr) type
alloys are up to 495 mAh·g−1 and 508 mAh·g−1, respectively. The theoretical
capacities of Mg80Sc20, Mg80Ti20, Mg80V20, and Mg80Cr20 reach 1790, 1750, 1700,
and 1270 mAh· g−1, respectively. High hydrogen storage capacity, light weight, and
the low cost of Mg type alloys make them one of the most promising commercially
viable materials for high capacity Ni/MH batteries.

However, as many researchers have stated, MgNi-based electrodes are still far
from commercial application because of the rapid decay of electrochemical capacity.
Rongeat et al. [9] reported a 70% decay in capacity after 20 charge/discharge cycles.
A lot of effort has been put into increasing the corrosion resistance of MgNi-based
alloys to KOH electrolytes, mostly through studying various types of substitutions
in the MgNi formula, such as replacements of the A- (by rare earth, transition, or
other metals [10]) and B-sites (by transition metals [11,12]), different fabrication
procedures [13], and surface treatment [14].
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It is well known that the use of electrolyte additives is one of the most economic
and effective methods to improve the performance of electrodes as they do not affect
the gravimetric and volumetric energy density of the battery. However, there are only
a few studies of the modification of traditional KOH electrolytes to improve the cycle
life of Ni/MH batteries. For example, Danczuk et al. [15] and Karwowska et al. [16]
studied the effects of alkaline cation additives in KOH electrolyte to AB5 type
alloys; Shangguan et al. [17] found that Na2WO4 additives could increase the high
temperature performance of Ni electrodes; Vaidyanathan et al. [18] reported that
KSiO4 and KNO3 additives could increase the end-of-charge voltage for Ni/MH
batteries. Until now, very few studies for electrolyte additives’ effects to MgNi-based
Ni/MH batteries have been reported. In this study, a systematic investigation on
the effect of salt additives to the performance of traditional KOH electrolyte to an
Mg52Ni39Co3Mn6 alloy prepared by the melt-spin and consequently mechanical
alloying is performed. The experiment is accomplished by partially replacing
KOH in the traditional electrolyte with salt additives while keeping the total ionic
concentrations the same; thus, a better understanding of the effect of the anion and
cation substitute of KOH electrolyte in Ni/MH battery can be obtained. The ultimate
objective of this study is to develop a novel salt containing electrolyte formulation,
which is as highly conductive as the traditional KOH electrolyte, but less corrosive
to MgNi-based negative electrodes. With this new electrolyte, MgNi-based NiMH
battery is expected to have the same, or even higher, electrochemical capacity and
improved capacity stability compared to the traditional 30 wt% KOH electrolyte.
The mechanism for proton transfer and improved corrosion resistance is also briefly
discussed in this work.

2. Experimental

2.1. Materials and Electrolyte Matrix

The MgNi alloy (Mg52Ni39Co3Mn6) was provided by BASF/Battery Materials-
Ovonic, Rochester Hills, MI, USA. The alloy was prepared by melt-spin followed by
mechanical alloying. Details of the alloy preparation were described elsewhere [19].
Sintered β-Ni(OH)2 was also obtained from BASF/Battery Materials-Ovonic. The
matrix examined on the effects of salt additives in aqueous KOH solution consisted
of the following: (1) alkaline salts, including LiCl, NaCl, KCl, RbCl, and CsCl (with
salt concentrations at 0.44, 0.88, 1.33, and 1.77 M each and KOH concentrations
change accordingly as 6.33, 5.88, 5.44, and 5.00 M, respectively, with the total
ionic concentration kept at 6.77 M); (2) halogen containing salts including KF,
KCl, KBr, and KI (with salt concentrations the same as previously mentioned);
(3) oxyacid containing salts, including LiNO3, NaNO3, KNO3, RbNO3, CsNO3,
K2CO3, Na2CO3, Cs2CO3, Rb2CO3, K3PO4, KIO4, Li2SO4, K2SO4, Na2SO4, Rb2SO4,
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Cs2SO4, LiCHO2, NaCHO2, KCHO2, CsCHO2, Na2WO4, NaC2H3O2, and KC2H3O2

(with salt concentration at 0.44 M and 6.33 M KOH each for LiNO3, NaNO3,
KNO3, RbNO3,CsNO3, KIO4, LiCHO2, NaCHO2, KCHO2, CsCHO2, NaC2H3O2,
and KC2H3O2; 0.29 M and 6.33 M KOH each for K2CO3, Na2CO3, Cs2CO3, Rb2CO3,
Na2WO4; 0.005 M and 6.33 M KOH each for Li2SO4, K2SO4, Na2SO4, Rb2SO4, and
Cs2SO4; and 0.22 M salt and 6.33 M KOH for K3PO4); (4) other salts, including
NaF, LiBr, and NaBr with salt concentration at 0.44 M and 6.33 M KOH each.
All salt additives were purchased from Sigma-Aldrich Company (St. Louis, MO,
USA). Except for the SO4

2− containing electrolytes, the total ion concentration of all
electrolytes is kept at 13.54 M.

2.2. Measurements and Calculations

Electrochemical charge/discharge cycling tests were performed with an Arbin
BT2000 battery tester (Arbin Instrument, College Station, TX, USA) at room
temperature. For the test cells, the positive electrode was the sintered β-Ni(OH)2 and
the negative electrode was made from directly dry-compacting the MgNi-based
Mg52Ni39Co3Mn6 alloy onto the Ni-expanded metal without using any binder.
A hydrophilic nonwoven polyolefin was used as the separator. The cell was charged
at 100 mA·g−1 for 5 h, and discharged first at 100 mA·g−1 to reach a cut-off voltage
fixed at 0.9 V. This is followed by resting for 30 s and the voltage will be recovered
to a higher value, and then discharged at 24 mA·g−1 to reach a cut-off voltage fixed
at 0.9 V. The process is repeated by a final discharge at 8 mA·g−1 to 0.9 V. The
conductivity of the electrolyte was analyzed by an YSI model 3200 conductivity
meter with a probe produced by Traceable VWR Inc. (West Chester, PA, USA).
Cell is considered failed when its capacity drops below 70% of the initial capacity
before cycling.

Three parameters: conductivity, discharge capacity, and degradation, were
measured and compared to those with traditional 30% KOH electrolyte. Each test
was repeated three times. Degradation was determined as the percent capacity loss
per cycle within the initial 10 cycles, as shown in the following:

Degradation % =

Caphigh−Caplow

(nhigh−nlow)×Caphigh

Cap0,high−Cap0,low

(n0,high−n0,low)×Cap0,high

× 100% (3)

where:

Caphigh is the highest value of discharge capacity in the initial 10 cycles;

Caplow is the lowest value of discharge capacity in the initial 10 cycles;
nhigh is the cycle number of the highest discharge capacity in the initial 10 cycles;
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nlow is the cycle number of the lowest discharge capacity in the initial 10 cycles;
Subscript 0 is for 6.77 M (30%) KOH electrolyte.

3. Results and Discussion

3.1. Electrochemical Performance of MgNi-Based NiMH with 30% KOH Electrolyte

The cycle stability and capacity/degradation as functions of KOH concentration
of negative electrode composed of Mg52Ni39Co3Mn6 MH alloy in a traditional 30%
KOH electrolyte are shown in Figures 1 and 2, respectively. This composition is
selected due to its weak resistance to corrosion in traditional alkaline electrolyte,
which allows for a better comparison of the effectiveness of additives. Other MgNi
MH alloy compositions with high capacities and better cycle stability in 30% KOH are
also available but were not used in this work. Figure 1 depicts the discharge capacities
of Mg52Ni39Co3Mn6 in the first 10 cycles at five different KOH concentrations: 6.77,
6.33, 5.88, 5.44, and 5.00 M. It shows a rapid decay of discharge capacity in the first
four cycles for all KOH concentrations and the capacity loss is more than 80% after
10 cycles. This result is consistent with other reported MgNi-based MH alloys [9].
Figure 2 shows the normalized capacity and degradation as functions of KOH
concentration. A low KOH concentration corresponds to a low degradation; however,
a low discharge capacity as well. Therefore, it is necessary to balance the degradation
and discharge capacity of negative electrode by a matrix of salt additives.
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Figure 2. Capacity and degradation of pure KOH electrolytes vs. KOH concentration. It shows 
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Figure 2. Capacity and degradation of pure KOH electrolytes vs. KOH
concentration. It shows at low KOH concentration, electrolyte has low degradation
but low discharge capacity; at high KOH concentration, electrolyte has a high
discharge capacity but high degradation.

3.2. Electrochemical Performance of Pure Salt Solutions

The conductivity, capacity, and degradation characteristics of KOH and various
pure salt solutions are shown in Table 1. For a 6.77 M KOH electrolyte, the cells were
cycled for more than 20 cycles with the total charging/discharging time of more
than 130 h before cell failure. However, most of the cells with pure salt solutions
as electrolyte totally lost activity within the first few cycles. For example, the cells
with a 1.77 M LiCl solution lost all electrochemical activity only after five cycles.
The cells were disassembled after the test and both the MgNi-based MH alloy and
nickel hydroxide electrodes were found to be heavily corroded. Table 1 also shows
that the conductivities of pure salt solutions are less than 20% of the conductivity of
6.77 M KOH electrolytes. Low conductivities could cause a low electronic efficiency
for Ni/MH battery systems. Most of the pure salt solutions have a higher degradation
compared to KOH, as shown in Table 1. While some salt solutions such as KF and
RbCl resulted in a lower degradation, their capacities decreased significantly, which
can be attributed to low electronic efficiencies. Table 1 indicates that all of the pure
salt solutions were more corrosive to the electrodes than the standard KOH solution
and are therefore unsuitable as electrolytes for Ni/MH systems.
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Table 1. Test time, test cycles, capacity, degradation and conductivity of pure
6.77 M KOH solution, pure 1.77 M salt solutions. The salts include KF, KCl, KBr, KI,
LiCl, NaCl, KCl, RbCl, and CsCl. Note that the high corrosion could be observed in
pure salt solutions.

Salt Concentration
in M

Test time
before cell
failed in h

Test cycles
before cell

failed

Capacity
% 1

Degradation
% 2

Conductivity
% 3

KOH 6.77 >130 >20 100.0 100.0 100.0
KF 1.77 105 20 12.3 49.4 12.9
KCl 1.77 73 8 79.7 136.5 14.6
KBr 1.77 56 4 167.4 309.9 12.9
KI 1.77 128 20 16.3 n/a 15.0

LiCl 1.77 56 5 84.7 185.4 10.3
NaCl 1.77 100 11 100.0 121.2 12.0
KCl 1.77 73 8 79.7 136.5 14.6
RbCl 1.77 70 9 82.8 88.8 15.0
CsCl 1.77 42 4 79.4 105.0 14.2

1: test error for capacity is 10%; 2: test error for degradation is 10%; 3: test error for
conductivity is 5%.

3.3. Electrochemical Performance of Mixtures of Salt and KOH Solutions

3.3.1. Effect of Salt Additives on Conductivity

Traditionally, the concentration of KOH used in commercial Ni/MH batteries
varies from 4.1 M to 8.5 M. Thus, the conductivities of KOH electrolytes with
concentrations of 4.15, 4.65, 5.15, 5.67, 6.21, 6.77, 7.33, 7.91, and 8.52 M were tested.
If we normalize the conductivities to the conductivity of 6.77 M KOH electrolyte
as 100%, the conductivities of each of the electrolytes varied from 88% to 100%,
as shown in Table 2.

Table 2. Conductivity of traditional KOH electrolyte with concentration varies
from 20 wt% to 36 wt%. Note the conductivities vary from 88% to 100%.

Sample number KOH concentration in M Normalized conductivity in % 1

1 4.15 88.2
2 4.64 92.6
3 5.15 95.6
4 5.67 98.5
5 6.21 98.5
6 6.77 100.0
7 7.33 95.6
8 7.91 92.6
9 8.52 89.7

1: test error for normalized conductivity is 5%.
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Electrolytes containing 6.33 M KOH and 32 types of salt additives were prepared
and their conductivities were tested and shown in Table 3. It was found that the
conductivities of all the additive-containing electrolytes vary from 88% to 100%.
It shows that the salt containing electrolytes can be as conductive as traditional KOH
electrolytes in some cases (KIO4 and KNO3).

Table 3. Conductivity and concentration of additive containing electrolyte. Note
the conductivities vary from 88% to 100%.

Salt Concentration
in M

Conductivity
in % 1 Salt Concentration

in M
Conductivity

in % 1 Salt Concentration
in M

Conductivity
in % 1

LiCl 0.44 97.4 Na2WO4 0.29 88.3 Li2SO4 0.005 90.7
NaCl 0.44 97.4 KIO4 0.44 100.0 Na2SO4 0.005 91.4
KCl 0.44 97.0 LiNO3 0.44 97.7 K2SO4 0.005 89.0
RbCl 0.44 96.3 NaNO3 0.44 97.7 Rb2SO4 0.005 89.3
CsCl 0.44 96.3 RbNO3 0.44 95.5 Cs2SO4 0.005 88.7
KF 0.44 96.8 KNO3 0.44 100 LiCHO2 0.44 92.4
KBr 0.44 98.3 K2CO3 0.29 99.6 KCHO2 0.44 93.6
KI 0.44 96.1 Cs2CO3 0.29 97.0 CsCHO2 0.44 94.1

LiBr 0.44 93.8 Rb2CO3 0.29 98.5 KC2H3O2 0.44 89.4
NaBr 0.44 94.5 Na2CO3 0.29 89.0 NaC2H3O2 0.44 90.5
NaF 0.44 96.9 K3PO4 0.22 99.2 - - -

1: test error for conductivity is 5%.

3.3.2. Effect of Salt Additives on Discharge Capacity and Degradation

Figure 3 shows the effects of the salt additive containing electrolytes on the
discharge capacity and degradation. Data are normalized to the degradation and
discharge capacity of 6.77 M KOH. Figure 3 can be divided into four different areas
depending on the degradation and capacity.

Area 1: normalized degradation <100% and normalized capacity >100%. The
electrolytes in this area are the most desirable since they offer lower degradations
with improved capacities. It includes NaC2H3O2 (0.44 M and 6.33 M KOH solution),
KC2H3O2 (0.44 M and 6.33 M KOH solution), K2CO3 (0.29 M and 6.33 M KOH,
0.59 M and 5.88 M KOH, 0.89 M and 5.44 M KOH solutions), Rb2CO3 (0.29 M and
6.33 M KOH solution), Cs2CO3 (0.29 M and 6.33 M KOH solution), K3PO4 (0.22 M and
6.33 M KOH, 0.44 M and 5.88 M KOH, 0.66 M and 5.44 M KOH, 0.88 M and 5 M KOH
solutions), NaF (0.44 M and 6.33 M KOH solution), KF (0.44 M and 6.33 M KOH, 0.88
M and 5.88 M KOH solutions), NaBr (0.44 M and 6.33 M KOH solution), Rb2SO4

(0.005 M and 6.33 M KOH solution), Cs2SO4 (0.005 M and 6.33 M KOH solution),
KBr (0.44 M and 6.33 M KOH solution), LiBr (0.44 M and 6.33 M KOH solution), and
RbCl (0.88 M and 5.88 M KOH solution).
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Figure 3. Screen test results of discharge capacity and degradation for the
electrolytes containing various salt additives.

Area 2: normalized degradation >100% and normalized capacity >100%. This
area contains electrolytes with chemical activity which increase both the capacity and
the degradation of the MgNi-based MH alloy. KBr (0.88 M and 5.88 M KOH, 1.33 M
and 5.44 M KOH, 1.77 M and 5 M KOH solutions), LiCl (0.44 M and 6.33 M KOH
solution), and KI (0.44 M and 6.33 M KOH solution) are examples.

Area 3: normalized degradation >100% and normalized capacity <100%.
It includes RbCl (1.33 M and 5.44 M KOH solution), LiCl (0.88 M and 5.88 M KOH
solution), and KCl (0.44 M and 6.33 M KOH, 1.77 M and 5 M KOH solutions) and is
the worst scenario with low capacities and high degradations.

Area 4: normalized degradation <100% and normalized capacity <100%.
It contains additives with reduced chemical activity resulting in reduced capacity and
degradation such as NaCl (0.44 M and 6.33 M KOH, 0.88 M and 5.88 M KOH, 1.33 M
and 5.44 M KOH, 1.77 M and 5 M KOH solutions), KNO3 (0.44 M and 6.33 M KOH,
0.88 M and 5.88 M KOH solutions), RbNO3 (0.44 M and 6.33 M KOH solution),
LiNO3 (0.44 M and 6.33 M KOH solution), NaNO3 (0.44 M and 6.33 M KOH solution),
RbCl (0.44 M and 6.33 M KOH, 1.77 M and 5 M KOH solutions), LiCl (1.33 M and
5.44 M KOH, 1.77 M and 5 M KOH solutions), KI (0.88 M and 5.88 M KOH, 1.33 M and
5.44 M KOH, 1.77 M and 5 M KOH solutions), K2CO3 (1.77 M and 5 M KOH solution),
KCHO2 (0.44 M and 6.33 M KOH solution), LiCHO2 (0.44 M and 6.33 M KOH
solution), KCl (0.88 M and 5.88 M KOH, 1.33 M and 5.44 M KOH solutions), CsCl
(0.44 M and 6.33 M KOH, 0.88 M and 5.88 M KOH, 1.33 M and 5.44 M KOH, 1.77 M
and 5 M KOH solutions), K2SO4 (0.44 M and 6.33 M KOH solution), Na2SO4 (0.44 M
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and 6.33 M KOH solution), Na2CO3 (0.44 M and 6.33 M KOH solution), Li2SO4

(0.005 M and 6.33 M KOH solution), and CsCHO2 (0.44 M and 6.33 M KOH solution).
In order to gain a better understanding of the effects of the anions and cations

of additive salts on the normalized discharge capacity and electrode degradation,
the data in Figure 3 was further analyzed based on the anions and cations.

3.3.3. Performance of Alkaline Cations Containing Electrolytes

Figures 4 and 5 illustrate the effects of alkaline cations (Li, Na, K, Rb, and Cs) on
normalized degradation and discharge capacity, respectively, at 0.44 M of salt (with
6.33 M KOH), 0.88 M of salt (with 5.88 M KOH), 1.33 M of salt (with 5.44 M KOH), and
1.77 M of salt (with 5 M KOH). Figure 4 shows that degradation values vary from 26%
to 115% with the addition of alkaline salts to traditional KOH electrolytes. CsCl and
NaCl containing electrolytes decrease significantly in degradation compared to that
in a pure KOH solution. At a low salt concentration (0.44 M salt with 6.33 M KOH),
KCl containing electrolyte has a similar degradation value to KOH; LiCl containing
electrolyte has an increased degradation, which is unfavorable; and RbCl electrolyte
has a decreased degradation. At a high salt concentration (1.77 M salt with 5 M KOH),
all electrolytes have a decreased degradation. Figure 5 illustrates that, except for
NaCl containing electrolytes, the discharge capacity for electrolytes with a low salt
concentration (0.44 M salt with 6.33 M KOH) is increased, while the discharge
capacity for electrolytes with a high salt concentration (1.77 M salt with 5 M KOH)
is greatly decreased. Figures 4 and 5 show that the concentration of alkaline salt in
electrolytes has a significant influence on the degradation and discharge capacity.
A linear correlation between degradation and reduction potential of alkaline ions
was found for electrolytes containing a low concentration of salt, shown in Figure 6.
It suggests that degradation is influenced by the reducibility of the salt additive.
There is no apparent relationship between capacity and reduction potential of alkaline
metals. There is also no apparent relationship between degradation and reduction
potential in the electrolytes with high salt concentration. It is supposed that the high
concentration of salt would cause the effect of electrostatic interaction among ions to
become stronger and influence the degradation performance.
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that the normalized degradation varies from 78% to 105%, which suggests that halogen ions’ effects 

on degradation is not as strong as those in alkaline ions’. Figure 7 also indicates that at low (0.44 M) 

and high salt concentrations (1.77 M), the additives slightly increase the degradation value except for 

the electrolyte with 0.44 M KF and 6.33 M KOH. Figure 8 illustrates that discharge capacity varies 

from 68% to 133%. At a low salt concentration (0.44 M salt and 6.33 M KOH), all salts boost the 

discharge capacity, and at a high salt concentration (1.77 M salt and 5 M KOH), only KF and KBr 

additives enhance the discharge capacity. Figures 7 and 8 indicate that the concentration of salt 

additive in the electrolyte has a significant influence on the electrochemical performance. Figure 9 

Figure 5. Capacity of electrolyte with 6.33 M KOH (and 0.44 M salts), 5.88 M KOH
(and 0.88 M salts), 5.44 M KOH (and 1.33 M salts), 5.00 M KOH (and 1.77 M salts).
Salts are LiCl, NaCl, KCl, RbCl, and CsCl, respectively.
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Figure 6. Linear fit of degradation with reduction potential of alkaline ions (Li+,
Na+, K+, Rb+ and Cs+).

3.3.4. Performance of Halogen Containing Electrolytes

Figures 7 and 8 illustrate the effects of anions (F, Cl, Br and I) on normalized
degradation and discharge capacity, respectively, with 0.44 M of salt (with
6.33 M KOH), 0.88 M of salt (with 5.88 M KOH), 1.33 M of salt (with 5.44 M KOH), and
1.77 M of salt (with 5 M KOH). Figure 7 illustrates that the normalized degradation
varies from 78% to 105%, which suggests that halogen ions’ effects on degradation is
not as strong as those in alkaline ions’. Figure 7 also indicates that at low (0.44 M)
and high salt concentrations (1.77 M), the additives slightly increase the degradation
value except for the electrolyte with 0.44 M KF and 6.33 M KOH. Figure 8 illustrates
that discharge capacity varies from 68% to 133%. At a low salt concentration (0.44 M
salt and 6.33 M KOH), all salts boost the discharge capacity, and at a high salt
concentration (1.77 M salt and 5 M KOH), only KF and KBr additives enhance the
discharge capacity. Figures 7 and 8 indicate that the concentration of salt additive
in the electrolyte has a significant influence on the electrochemical performance.
Figure 9 shows an apparent correlation between anion radii and the normalized
degradation of low salt concentration electrolytes (0.44 M salt and 6.33 M KOH).
This finding can also be explained by the energies of H–F, H–Cl, H–Br, and H–I
bonds. In the traditional KOH electrolyte system, the OH group is an effective carrier
for proton transfer between electrodes. In the salt containing electrolytes, both the
OH groups and salt anions act as proton carriers. As F has a smaller radius than
Cl, Br and I, its bond energy of H–F at 135 kcal·mol−1 is higher than that of O–H
at 111 kcal·mol−1, H–Cl at 103 kcal·mol−1, H–Br at 87.5 kcal·mol−1, and H–I at
71 kcal·mol−1. The H–F bond is more stable than other hydrogen–halogen bonds
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during the charge/discharge process. Therefore, KF shows a decreased degradation
compared to other potassium halogen salts. The bond energies of H–Cl, H–Br, and
H–I are less than O–H, which implies that in KCl, KBr, and KI containing electrolytes,
the OH− group is preferred as the proton accepter instead of Cl−, Br− and I−. Thus,
KCl, KBr, and KI containing electrolytes (with a low salt concentration) show a higher
degradation than the traditional KOH electrolyte.
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Figure 7. Degradation of electrolyte with 6.33 M KOH (and 0.44 M salts),
5.88 M KOH (and 0.88 M salts), 5.44 M KOH (and 1.33 M salts), 5.00 M KOH
(and 1.77 M salts). Salts are KF, KCl, KBr, and KI, respectively.
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Figure 9. Linear fit of degradation with halogen anion radii (F−, Cl−, Br−, and I−).

3.3.5. Performance of Oxyacid Containing Electrolytes

Effects of low oxyacid salt concentration (and 6.33 M KOH) electrolytes on
normalized discharge capacity and degradation are shown in Figure 10. Unlike
halogen salt additives and alkaline salt additives, all oxyacid salt additives satisfy
the desired properties of degradation <100%, and distribute only in Areas 1 and 4.
The electrolytes in Area 1 (i.e., normalized degradation <100% and normalized
discharge capacity >100%) include: NaC2H3O2 (0.44 M additives and 6.33 M KOH),
KC2H3O2 (0.44 M additives and 6.33 M KOH), K2CO3 (0.29 M additives and
6.33 M KOH), Rb2CO3 (0.29 M additives and 6.33 M KOH), Cs2CO3 (0.29 M additives
and 6.33 M KOH), K3PO4 (0.22 M additives and 6.33 M KOH), Na2WO4 (0.29 M
additives and 6.33 M KOH), Rb2SO4 (0.005 M additives and 6.33 M KOH), Cs2SO4

(0.005 M additives and 6.33 M KOH). The electrolytes in Area 4 (i.e., normalized
degradation <100% and normalized discharge capacity <100%) include: Rb2SO4

(0.005 M additives and 6.33 M KOH), Li2SO4 (0.005 M additives and 6.33 M KOH),
Rb2SO4 (0.005 M additives and 6.33 M KOH), CsCHO2 (0.44 M additives and
6.33 M KOH), KNO3 (0.44 M additives and 6.33 M KOH), RbNO3 (0.44 M additives
and 6.33 M KOH), LiNO3 (0.44 M additives and 6.33 M KOH), NaNO3 (0.44 M
additives and 6.33 M KOH), K2CO3 (1.77 M additives and 5 M KOH), KCHO2 (0.44 M
additives and 6.33 M KOH), LiCHO2 (0.44 M additives and 6.33 M KOH), K2SO4

(0.005 M additives and 6.33 M KOH), Na2SO4 (0.005 M additives and 6.33 M KOH),
and Na2CO3 (0.44 M additives and 6.33 M KOH).

The trend of discharge capacity is NO3
− < IO4

− < CHO2
− < SO4

2− < WO4
2− <

CO3
2− < PO4

2− < C2H3O2
−. As shown in references [20,21], all of the above

oxyacid anions, except for NO3
−, could react with Mg or Ni ions on the surface

of the metal hydride to form a solid layer that covers the metal hydride particles,
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which could protect them from electrolyte corrosion. The solid layer covering
the metal hydride particles had a significant influence on discharge capacity and
degradation. Figure 11 illustrates the charge voltage curves of the first cycle
of cells with electrolytes containing K2CO3, K3PO4, CsCO3, Rb2CO3, Na2WO4,
NaC2H3O2, KC2H3O2, Rb2SO4, and Cs2SO4, which demonstrated normalized
degradation < 100% and discharge capacity > 100%. The full charge voltage of these
oxyacid salt electrolytes is slightly lower than that of traditional KOH electrolyte,
which means the resistance of these additive containing electrolytes is lower than that
of traditional KOH electrolytes. A lower voltage also implies less corrosion to the
electrodes. The charge voltage curves of other salt additive containing electrolytes
(in Areas 2, 3, and 4 in Figure 3) were also studied. The values of the first cycle full
charge voltage were generally higher than that of KOH electrolyte (data not shown).
Further research on the formation mechanism of solid layer and the effects of solid
layer on corrosion resistance and electrochemical performance will be performed.
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Figure 10. Discharge capacity and degradation for electrolytes containing oxyacid
salts, including NaC2H3O2, KC2H3O2, K2CO3, Rb2CO3, Cs2CO3, K3PO4, Rb2SO4,
Cs2SO4, Rb2SO4, Li2SO4, Rb2SO4, CsCHO2, KNO3, RbNO3, LiNO3, NaNO3,
K2CO3, KCHO2, LiCHO2, K2SO4, Na2SO4, and Na2CO3.

Figure 12 shows the effects of K2CO3 and K3PO4 containing electrolytes on the
normalized discharge capacity and degradation. It was found that the concentration
of oxyacid salts, similar to the concentration of halogen salts and alkaline salts,
have a significant influence on electrochemical performance. There was a maximum
value in discharge capacity for both 0.44 M K2CO3 and K3PO4 containing KOH
electrolytes. On the other hand, the normalized degradation seemed to be stable
for the concentration range of K2CO3 and K3PO4 studied, except for 0.89 M K2CO3

containing electrolytes which shows a lower normalized degradation.
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Figure 11. Charge voltage curves for first circle of electrolytes containing
0.29 M K2CO3 and 6.33 M KOH, 0.29 M Cs2CO3 and 6.33 M KOH, 0.29 M Rb2CO3

and 6.33 M KOH, 0.29 M Na2WO4 and 6.33 M KOH, 0.44 M NaC2H3O2 and
6.33 M KOH, 0.44 M KC2H3O2 and 6.33 M KOH, 0.005 M Rb2SO4 and 6.33 M KOH,
0.005 M Cs2SO4 and 6.33 M KOH, 0.22 M K3PO4, and 6.33 M KOH. The final
charge voltage of these oxyacid salt containing electrolytes is lower than traditional
KOH electrolyte.
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decay after 86 cycles’ running is 78% and for V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4, the maximum 

is 366 mAh·g−1 and capacity decay is 52%. In electrolyte of 0.44 M Cs2CO3 and 6.33 M KOH,  

the maximum capacity of V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4 and 
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Figure 12. Degradation and capacity of the electrolytes containing K2CO3 and
K3PO4 separately. The solutions are: 6.33 M KOH and 0.29 M K2CO3, 5.88 M KOH
and 0.59 M K2CO3, 5.44 M KOH and 0.89 M K2CO3, 5.00 M KOH and 1.18 M K2CO3;
6.33 M KOH and 0.22 M K3PO4, 5.88 M KOH and 0.44 M K3PO4, 5.44 M KOH and
0.66 M K3PO4, 5.00 M KOH, and 0.88 M K3PO4.
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Since the electrolyte with 0.44 M Cs2CO3 and 6.33 M KOH shows good
performance on MgNi metal alloy, it was selected to test two kinds of BCC/C14
type metal alloy (V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4 and V44.0Ti15.6Ni18.5Cr11.6

Mn6.9Zr2.1Co1.4Al0.4). The BCC/C14 metal alloy has high hydrogen storage ability
and high theoretical discharge capacity, and is also considered as a strong candidate
material for metal alloy electrode in NiMH batteries as the MgNi metal alloy [7,8].
The theoretical discharge capacity of MgNi alloy (Mg52Ni39Co3Mn6) was reported as
999 mAh·g−1 [7,10]. However, Figure 13 shows that the maximum value of practical
discharge capacity in traditional 6.77 M KOH electrolyte over Mg52Ni39Co3Mn6 is
only 212 mAh·g−1. When Mg52Ni39Co3Mn6 alloy electrode is tested in Cs2CO3

containing electrolyte, the maximum discharge capacity is 300 mAh·g−1, which
suggests less corrosive in Cs2CO3 containing electrolyte. The theoretical discharge
capacity of these two BCC/C14 alloys (V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4

and V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4) was reported as 767 mAh·g−1 [13].
In traditional 6.77 M KOH, the maximum capacity for V44.0Ti15.6Ni18.5Cr11.6 Mn6.9

Hf2.1Co1.4Al0.4 is only 348 mAh·g−1 and capacity decay after 86 cycles’
running is 78% and for V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4, the maximum is
366 mAh·g−1 and capacity decay is 52%. In electrolyte of 0.44 M Cs2CO3 and
6.33 M KOH, the maximum capacity of V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4

and V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4 is 378 mAh·g−1. In addition,
capacity decay of 100 cycles’ running for V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4

is 33%, and for V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4 is 30%. As stated
above, traditional 6.77 M KOH is quite corrosive to metal alloys and leads
to a very low practical discharge capacity. The Cs2CO3 salt additive slightly
improves discharge capacity and tremendously decreases capacity decay on
electrodes of Mg52Ni39Co3Mn6, V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4 and
V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4 as shown in Figure 13.
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Cs2CO3 and 6.33 M KOH; C1: V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4 in 0.44 M Cs2CO3 

and 6.33 M KOH. It shows Cs2CO3 salt additive slightly improves discharge capacity and 

tremendously decreases capacity decay. 

3.4. Mechanistic Analysis for Using Additive Containing Electrolytes in Novel Ni/MH Battery Systems 

3.4.1. Synergistic Effect between KOH and Salt Additives 

Comparing additive containing electrolytes to the pure KOH and pure salt electrolytes, significant 

changes in degradation and discharge capacity were observed. For salts in Area 1 of Figure 3 (i.e., 

degradation <100% and capacity >100%), a synergistic effect between the salt additives and KOH 

electrolyte is presumed to explain the improvement in electro-performance. The synergistic effect 

can be explained by the following inferences: (1) a solid film forms on the surface of both electrodes. 

As shown in Figure 14, all the anions in Area 1 were able to react with Mg2+ and Ni2+ on the surface of 

MgNi metal hydride particles and Ni2+ on the surface of β-Ni(OH)2 particles to form a solid deposit [20,21]. 

In this research, discharge capacity is closely related to the amount of MgNi metal hydride in 

negative electrodes. This solid film over the MgNi metal hydride particles could physically protect the 

electrode from electrolyte corrosion; (2) H-transfer is promoted in aqueous electrolyte. The salt 

additives’ effects were considered from the aspects of the anions and cations. The anions of salts in 

Figure 13. Discharge capacity of Mg52Ni39Co3Mn6, V44.0Ti15.6Ni18.5Cr11.6Mn6.9

Hf2.1Co1.4Al0.4 and V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4 in electrolyte of
6.77 M KOH and electrolyte of 0.44 M Cs2CO3 and 6.33 M KOH. A: Mg52Ni39

Co3Mn6 in 6.77 M KOH; B: V44.0Ti15.6Ni18.5Cr11.6Mn6.9Hf2.1Co1.4Al0.4 in
6.77 M KOH; C: V44.0Ti15.6Ni18.5Cr11.6Mn6.9Zr2.1Co1.4Al0.4 in 6.77 M KOH; A1:
Mg52Ni39Co3Mn6 in 0.44 M Cs2CO3 and 6.33 M KOH; B1: V44.0Ti15.6Ni18.5Cr11.6

Mn6.9Hf2.1Co1.4Al0.4 in 0.44 M Cs2CO3 and 6.33 M KOH; C1: V44.0Ti15.6Ni18.5

Cr11.6Mn6.9Zr2.1Co1.4Al0.4 in 0.44 M Cs2CO3 and 6.33 M KOH. It shows Cs2CO3

salt additive slightly improves discharge capacity and tremendously decreases
capacity decay.

3.4. Mechanistic Analysis for Using Additive Containing Electrolytes in Novel Ni/MH
Battery Systems

3.4.1. Synergistic Effect between KOH and Salt Additives

Comparing additive containing electrolytes to the pure KOH and pure salt
electrolytes, significant changes in degradation and discharge capacity were observed.
For salts in Area 1 of Figure 3 (i.e., degradation <100% and capacity >100%),
a synergistic effect between the salt additives and KOH electrolyte is presumed
to explain the improvement in electro-performance. The synergistic effect can be
explained by the following inferences: (1) a solid film forms on the surface of both
electrodes. As shown in Figure 14, all the anions in Area 1 were able to react with
Mg2+ and Ni2+ on the surface of MgNi metal hydride particles and Ni2+ on the surface
of β-Ni(OH)2 particles to form a solid deposit [20,21]. In this research, discharge
capacity is closely related to the amount of MgNi metal hydride in negative electrodes.
This solid film over the MgNi metal hydride particles could physically protect the
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electrode from electrolyte corrosion; (2) H-transfer is promoted in aqueous electrolyte.
The salt additives’ effects were considered from the aspects of the anions and cations.
The anions of salts in Area 1 could provide more active sites for H adsorption and
transfer [22,23]. The cations, together with their anions, could change the chemical
environment of the OH group in the electrolyte, and promote H-transfer [22]. Lower
degradation is closely related to the improvement in the amount of H carriers and
the H-transfer process [7].
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3.4.2. Active Sites for Proton Transfer and H Bond Types

For traditional KOH electrolytes, the oxygen atom in the OH− group acts as the
basic site to accept H from the metal hydride and transfers H between electrodes [22,24].
As Basak [22] stated, H is covalently bonded to O with bond energy around 111
kcal·mol−1 and simultaneously has a weaker electrostatic interaction with another O
with bond energy around 6–10 kcal·mol−1. This H bond type in KOH electrolytes is
called H bond type 1 (shown in Figure 14a).

In this research, the anions of the additive salts, together with OH− from
KOH, act as proton carriers [22–25]. For halogen containing salts, F−, Cl−, Br−

and I− are basic sites for H adoption [24,25]. H bond type in halogen containing
electrolytes can be presumed by analyzing the bond energy [24]. The H–F bond
energy is 135 kcal· mol−1, which is higher than O–H at 111 kcal·mol−1. Thus, F
should be covalently bonded to H (as the A atom in Figure 14a), and OH should be
electrostatically bonded to H (as the B atom in Figure 14b). The bond energies for
H–Cl, H–Br, and H–I are 103, 87.5, and 71 kcal·mol−1, respectively, which are lower
than the O–H bond energy. Thus, Cl, Br, or I should be electrostatically bonded to
H (as the B atom in Figure 14a), and OH covalently bonded to H (as the A atom in
Figure 14a) [24].

For most oxyacid salts, O is the basic site for H adsorption [22,24]. Analysis of
the bonds containing O is important for understanding the H bond type in oxyacid
salts. For CO3

2−, C2H3O2
−, and CHO2

− salts, there are two types of O containing
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bonds: C–O, and C=O. H is covalently bonded to C–O, and electrostatically bonded
to C=O [24]. WO4

2− and PO4
3− are special cases regarding H bond type. There

are two identical W–O bonds and two identical W=O bonds in WO4
2− and three

identical P–O bonds in PO4
3−. As Basak [22] stated, because of the identicality of the

bonds, H is equally shared between two adjacent O by covalent interaction. In this
paper, it is called H bond type 2, and its structure is as shown in Figure 14b.

3.4.3. Proton Transfer Mechanisms: Vehicle Mechanism and
Structure-Diffusion Mechanism

Generally speaking, there are two kinds of proton transfer mechanisms in
organic/inorganic solution systems: vehicle mechanism and structure-diffusion
mechanism [22–25]. Vehicle mechanism is reported in traditional KOH electrolytes
and is described as the transport of protonated species as whole molecules (for
example: H2O, H3O+) through aqueous media [24]. In this research, proton transfer
in liquid electrolyte is considered as vehicle mechanism. In addition, proton transfer
through the surface solid of the electrodes, is considered as a structure-diffusion
mechanism [22]. The proton hops from site to site along a hydrogen-bonded network
over the surface. Diffusion of protonic charges or protonic defects occurs through the
formation and breaking of the hydrogen bonds. Both H bond types could contribute
to structure-diffusion mechanism.

The H-transfer process in additive containing electrolytes during discharge is
briefly illustrated in Figure 15. The solid film over the MgNi alloy and Ni(OH)2

particles is formed during the charge process or the first few seconds of the discharge
process. In the solid film covering the MgNi alloy, H is covalently or electrostatically
bonded to other heteroatoms through bond type 1 or 2. H delivered through the
solid film to the interface of the liquid electrolyte is through site-to-site hopping
way (i.e., structure-diffusion mechanism). The H is the delivered in the electrolyte
through vehicle mechanism with H bond type 1. The H bond type and H-transfer
mechanism for the solid film covering the Ni(OH)2 are similar to that of the MgNi
alloy. Figure 15 also illustrates the trend of the H concentration differential from
the MgNi alloy to Ni(OH)2 during the discharge process. The H concentration is
the highest at the metal hydride-solid film interface and the H concentration is the
lowest at the Ni(OH)2-solid film interface.

422



Batteries 2015, 1 70 

 

 

is reported in traditional KOH electrolytes and is described as the transport of protonated species as 

whole molecules (for example: H2O, H3O+) through aqueous media [24]. In this research, proton 

transfer in liquid electrolyte is considered as vehicle mechanism. In addition, proton transfer through 

the surface solid of the electrodes, is considered as a structure-diffusion mechanism [22]. The proton 

hops from site to site along a hydrogen-bonded network over the surface. Diffusion of protonic charges 

or protonic defects occurs through the formation and breaking of the hydrogen bonds. Both H bond 

types could contribute to structure-diffusion mechanism. 

The H-transfer process in additive containing electrolytes during discharge is briefly illustrated in 

Figure 15. The solid film over the MgNi alloy and Ni(OH)2 particles is formed during the charge 

process or the first few seconds of the discharge process. In the solid film covering the MgNi alloy, 

H is covalently or electrostatically bonded to other heteroatoms through bond type 1 or 2. H delivered 

through the solid film to the interface of the liquid electrolyte is through site-to-site hopping way 

(i.e., structure-diffusion mechanism). The H is the delivered in the electrolyte through vehicle mechanism 

with H bond type 1. The H bond type and H-transfer mechanism for the solid film covering the Ni(OH)2 

are similar to that of the MgNi alloy. Figure 15 also illustrates the trend of the H concentration 

differential from the MgNi alloy to Ni(OH)2 during the discharge process. The H concentration is the 

highest at the metal hydride-solid film interface and the H concentration is the lowest at the Ni(OH)2-solid 

film interface. 

 

Figure 15. Model of H-transfer from the surface of MgNi electrode to Ni(OH)2 electrode 

through the novel additive containing electrolyte. 

3.4.4. Factors that Influence Electrochemical Performance of the Novel Additive-Containing Electrolytes 

As stated before, the synergy between the additives and KOH is influenced by the nature of the salt 

additives. For additive containing electrolytes, both hydroxide ions and salt anions are basic sites and 

act as proton acceptors and carriers [22]. Thus, the parameters that can influence the formation of 

hydrogen bonds can influence the electro-performance. The parameters are summarized as follows: 

(1) The nature of the basic sites. The stronger the basicity, the better the performance [23,24]. 

In this research, CO3
2−, PO4

3−, and F− are strong Lewis bases and do well in decreasing 

degradation and boosting discharge capacity. NO3
− and I− are weak Lewis bases and have poor 

hydrogen ion adsorption. In Figure 3, NO3
− and I− containing electrolytes show poor performance. 

(2) The amount of basic sites. Comparing CHO2
− and C2H3O2

− containing electrolytes, it was 

found that C2H3O2
− shows better performance than CHO2

−. For CHO2
−, the Lewis basic site 

Figure 15. Model of H-transfer from the surface of MgNi electrode to Ni(OH)2
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3.4.4. Factors that Influence Electrochemical Performance of the Novel
Additive-Containing Electrolytes

As stated before, the synergy between the additives and KOH is influenced by
the nature of the salt additives. For additive containing electrolytes, both hydroxide
ions and salt anions are basic sites and act as proton acceptors and carriers [22]. Thus,
the parameters that can influence the formation of hydrogen bonds can influence the
electro-performance. The parameters are summarized as follows:

(1) The nature of the basic sites. The stronger the basicity, the better the
performance [23,24]. In this research, CO3

2−, PO4
3−, and F− are strong Lewis

bases and do well in decreasing degradation and boosting discharge capacity.
NO3

− and I− are weak Lewis bases and have poor hydrogen ion adsorption. In
Figure 3, NO3

− and I− containing electrolytes show poor performance.
(2) The amount of basic sites. Comparing CHO2

− and C2H3O2
− containing

electrolytes, it was found that C2H3O2
− shows better performance than CHO2

−.
For CHO2

−, the Lewis basic site that acts as the proton carrier is the oxygen in
the C–O bond. For C2H3O2

−, the Lewis basic sites include the oxygen in the
C–O bond and the C from the CH3

− group. C2H3O2
− contains more basic sites

than CHO2
− [22].

(3) The stability of the salt additives. During the charge/discharge processes, the
salt additives are in highly reductive/oxidative environments. The additives
with low stability, such as KIO4, perform poorly.

(4) The salt solubility in KOH solution. It has been found that all the SO4
2−

containing salts have low solubility in KOH solutions [20,21]. The maximum
solubility of K2SO4 in KOH is only around 0.093% (0.005 M). In this research,
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the SO4
2− containing electrolyte performs poorly compared to other oxyacid

salt electrolytes, and similarly to pure KOH solutions.
(5) The ionic charge of the additive ions. Anions with high ionic charge, such as

CO3
2−, PO4

3−, WO4
2−, perform well.

4. Conclusions

A systematic study of 32 salt additives in a traditional KOH electrolyte was
performed on an MgNi-based Ni/MH battery systems. 12 salt additives were
discovered to have efficiently decreased the corrosion of traditional KOH electrolyte:
NaC2H3O2, KC2H3O2, K2CO3, Rb2CO3, Cs2CO3, K3PO4, Na2WO4, Rb2SO4, Cs2SO4,
NaF, KF, and KBr.

The effects of the cations (Li+, Na+, K+, Rb+, and Cs+) and anions (F−, Cl−,
Br−, I−, CO3

2−, NO3
−, PO4

3−, SO4
2−, IO4

−, WO4
2−, C2H3O2

−, and CHO2
−) of

the additives on charge/discharge performance were discussed. It was found that
the oxidation potential of alkaline ions and the radii of halogen ions are linearly
correlated with electrode degradation. For oxyacid salt electrolytes, a synergistic
effect between the salt and KOH was observed: (1) a solid film forms on the MgNi
particle surface, which physically prevents corrosion from KOH electrolyte and
boosts discharge capacity; (2) H-transfer is promoted in aqueous electrolyte, which
decreases degradation.

A brief discuss for H-transfer in the additive containing electrolyte system
was included based on the screen test data. H bond type in the novel electrolyte
system is not similar to traditional KOH electrolyte. Both type 1 and 2 hydrogen
bonds exist in the additives containing electrolytes. Because of the formation of the
solid film on the MgNi particles, the H-delivery mechanism in the novel electrolyte
is also different from traditional KOH electrolytes. Both vehicle mechanism and
structure-diffusion mechanism occurred in the novel electrolyte system. As the
synergistic effect is determined by the nature of the salt additive, the factors that
could influence the electro-performance were discussed based on the salt additive’s
chemical properties including the salt’s anion’s basicity, amount of base sites, stability
during charging/discharging, solubility in KOH solution, and ionic charge.
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Microstructures of the Activated
Si-Containing AB2 Metal Hydride Alloy
Surface by Transmission
Electron Microscope
Kwo-hsiung Young, Benjamin Chao and Jean Nei

Abstract: The surface microstructure of an activated Si-containing AB2 metal hydride
(MH) alloy was investigated by transmission electron microscopy (TEM) and X-ray
energy dispersive spectroscopy (EDS). Regions of the main AB2 and the secondary
TiNi (B2 structure) phases directly underneath the surface Zr oxide/hydroxide
layers are considered electrochemically inactive. The surface of AB2 is covered,
on the atomic scale, by sheets of Ni2O3 with direct access to electrolyte and voids,
without the buffer oxide commonly seen in Si-free AB2 alloys. This clean oxide/bulk
metal alloy interface is believed to be the main source of the improvements in the
low-temperature performance of Si-containing AB2 alloys. Sporadic metallic-Ni
clusters can be found in the surface Ni2O3 region. However, the density of these
clusters is much lower than the Ni-inclusions found in most typical metal hydride
surface oxides. A high density of nano-sized metallic Ni-inclusions (1–3 nm) is
found in regions associated with the TiNi secondary phase, i.e., in the surface oxide
layer and in the grain boundary, which can also contribute to enhancement of the
electrochemical performance.

Reprinted from Batteries. Cite as: Young, K.-h.; Chao, B.; Nei, J. Microstructures
of the Activated Si-Containing AB2 Metal Hydride Alloy Surface by Transmission
Electron Microscope. Batteries 2016, 2, 4.

1. Introduction

Sales of hybrid electrical vehicles (HEV), which are mainly based on the
nickel/metal hydride (Ni/MH) battery technology, passed 10 million in July 2015 [1].
With a fast charge/discharge capability [2,3], a long cycle stability [4], high efficiency
under a large charge current [5], superb abuse tolerance [6,7], and a wide operation
temperature range [8,9], Ni/MH batteries are expected to power HEV for another
decade. Therefore, efforts to improve the performance of Ni/MH batteries have
never stopped. Ni/MH batteries have a catalytic oxide layer on the anode surface
that facilitates the electrochemical reaction with the electrolyte, which is similar
to the solid-electrolyte-interface (SEI) formation on the anode surface of a Li-ion
battery [10–16]. In a conventional AB2 metal hydride (MH) alloy, the catalytic
surface oxide is composed of (1) a buffer oxide layer (approximately 100 nm and
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50 nm for AB2 and AB5, respectively) on top of the metal bulk, followed by
(2) a porous oxide layer (approximately 200 nm and 100 nm for AB2 and AB5,
respectively), and finally (3) a surface oxide layer that is electrochemical inactive [17].
The porous surface oxide and metallic inclusions (mainly Ni) of several common
AB2 and AB5 MH alloys have been studied by transmission electron microscopy
(TEM) [13–26], electron energy loss spectroscopy (EELS) [17,27], X-ray diffraction
(XRD) [28], X-ray photoemission spectroscopy (XPS) [29], and magnetic susceptibility
measurements [26,30–33]. The general conclusion is that the metallic Ni inclusions
embedded in the supportive oxides are the key catalyst for the electrochemical
reaction in Ni/MH batteries.

Si-addition in a typical Laves phase based MH alloy demonstrated a large
decrease in charge-transfer resistance at both room temperature and ´40 ˝C [34],
which was attributed to increased catalytic ability in the main C14 phase. Although
both the abundances of the C15 and TiNi (B2 structure) secondary phases are higher
in the Si-containing AB2 alloy, their content remains relatively small (ď5 wt%). AC
impedance results showed that both the surface area and surface catalytic ability
increases with the incorporation of Si. The increase in the former was attributed to the
higher solubility of Si oxide, whereas the origin of the increase in the latter remains
unclear [34]. A similar enhancement in electrochemical reactivity with Si and AB2

MH alloys was also previously reported [35], but the mechanism of the improvement
is also not available. TEM has been used extensively to study the multi-phase nature
of AB2 MH alloys [36–40], as well as the surface oxides of conventional AB2 and AB5

MH alloys [17,26]. Therefore, in this study, we applied TEM techniques to reveal the
detailed microstructure of the activated Si-containing AB2 MH alloy surface.

2. Experimental Section

Arc melting of the designed alloy samples was performed with a non-consumable
tungsten electrode and water-cooled copper tray, under a continuous argon flow.
A piece of sacrificial titanium underwent several melting-cooling cycles before
each run to reduce residual systemic oxygen levels. Each 12-g ingot sample was
re-melted and turned over several times to ensure a uniform chemical composition.
A JEOL-JSM6320F scanning electron microscope (SEM, JEOL, Tokyo, Japan) with
X-ray energy dispersive spectroscopy (EDS) capabilities was used to study the
phase distribution and composition of the as-cast ingots [34]. Ingots were hydrided,
de-hydrided, crushed, and ground to powder and then sieved through a 200-mesh
sieve. The final powder was etched in 100 ˝C 30% KOH for 4 h (h) to emulate a lightly
cycled electrode [17,26,30]. TEM examination was performed with a CM200/FEG
microscope (Philips, Amsterdam, The Netherlands). The operating voltage was
200 keV. Magnetic susceptibility was measured using a Digital Measurement Systems
Model 880 vibrating sample magnetometer (MicroSense, Lowell, MA, USA).
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TEM sample preparation included the following steps:

(1) Mixing of the powders with M-Bond 610 glue, followed by placement of the
mixture into a 3 mm diameter copper pipe. This was then cured for 8 h at
150 ˝C;

(2) Slicing the copper pipe containing the glued powders into 0.5 mm thick disks
using a low-speed diamond saw;

(3) Polishing of the 3-mm-diameter disk down to approximately 100 µm using SiC
media from 320 grit down to 1200 grit, then dimpling grinding;

(4) Finishing of thinning with 5 kV ion milling (on a liquid N2 cooled stage);
(5) Finally, insertion of the sample into the microscope to examine for electron beam

transparency areas. If none are detected, additional ion milling time, followed by
TEM examination, is required. This step was repeated as many times as necessary
to provide high quality thin areas for detailed TEM studies.

3. Results and Discussion

3.1. Summary of Alloy Properties

While the surface microstructure of the Si-free AB2 MH alloy has been fully
investigated in our previous paper [17], a Si4 alloy with a designed composition of
Ti12Zr21.5V10Cr7.5Mn8.1Co8.0Ni28.2Si4.0Sn0.3Al0.4 from a previous report on the effects
of Si-incorporation in the Laves phase based AB2 MH alloy [34] was selected for this
TEM/EDS study. Based on the full-phase analysis of the XRD data, this alloy (Si4)
contained a major C14 phase (92.0 wt%), a C15 secondary phase (5.0 wt%), and a
TiNi—like B2 secondary phase (3.0 wt%). EDS analysis showed that the Si-contents in
C14, C15, and B2 (TiNi) phase were 3.2–5.5 at%, 1.6–1.9 at%, and 0.2 at%, respectively.
Compared to the Si-free base alloy Si0, the Si4 alloy has a larger unit cell, higher C15
and B2 secondary phase abundances, a lower pressure-concentration-temperature (PCT)
plateau pressure, a larger PCT hysteresis, a smaller gaseous phase and electrochemical
storage capacities, a higher hydrogen diffusion coefficient, a higher surface exchange
current, a lower charge transfer resistance and a higher surface reactive area as measured
at´40 ˝C, and a higher surface catalytic ability [34].

3.2. Scanning Electron Microscope and X-Ray Energy Dispersive Spectroscopy Analyses on
the Activated Alloy Surface

Both the pristine and activated alloy powder surfaces were examined by SEM
and the resulting secondary electron images are shown in Figure 1a,b, respectively.
Some fine particles seen on the surface of the pristine alloy are believed to be dust
from hydrogenation and grinding operations. Interestingly, additional fine needle
structures are observed on the activated alloy surface (Figure 1b). TEM studies
indicated that these needles are mainly Zr oxide/hydroxide. The composition of
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the activated alloy surface was measured by EDS, although only semi-quantitative,
and is in agreement with that of design (Table 1). The similar EDS results between
design and etched samples indicate that the alloy surface affected by the activation
procedure is much shallower than the X-ray escape depth of the EDS technique
(typically 1–2 µm).
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arrows) are from the pulverization/grinding operation, smaller sized precipitations of Zr 
oxide/hydroxide can be seen on the activated surface (representative examples indicated by yellow 
arrow). 

Table 1. Design and surface composition of activated alloy Si4 determined by SEM-X-ray energy 
dispersive spectroscopy (EDS). All numbers are in at%. 

Origin Al Si Ti V Cr Mn Co Ni Zr Sn 
Design 0.4 4.0 12.0 10.0 7.5 8.1 8.0 28.2 21.5 0.3 
Surface 0.7 4.2 11.2 10.1 7.5 8.4 8.2 29.3 20.3 0.1 

3.3. Regions under the Zr Oxide/Hydroxide Layer 

Figure 2a is a TEM bright field (BF) micrograph from a region containing two typical AB2 crystals 
under the Zr oxide/hydroxide layer. Because of variations in sample thicknesses and weak EDS 
spectrum signal, resulting from a very small volume, composition calculations based on the 
TEM/EDS are much more challenging (if even possible) than those in SEM/EDS. Therefore, in this 
paper, semi-quantitative analyses were only carried out on several representative EDS spectra and 
most of the EDS spectra were qualitatively compared without delving into inaccessible quantitative 
details. EDS spectra recorded from the five numbered red box regions in Figure 2a are displayed in 
Figure 2b–f. The EDS spectra of Regions 1 (Figure 2b) and 3 (Figure 2d), which exhibit all expected 
elements of design with no detectable O signal, are assigned to the metallic AB2 bulk phase. The EDS 
spectrum of Region 2 showed a similar metal content to the AB2 bulk (Figure 2b,d) with an additional 
miniscule amount of oxygen signal. The observed Ca signal is due to artifacts from contamination 

Figure 1. Scanning electron microscope (SEM) micrographs showing the surfaces of
(a) pristine and (b) activated Si4 alloy. While dust particles on the pristine surface (a
few examples indicated by red arrows) are from the pulverization/grinding operation,
smaller sized precipitations of Zr oxide/hydroxide can be seen on the activated surface
(representative examples indicated by yellow arrow).

Table 1. Design and surface composition of activated alloy Si4 determined by
SEM-X-ray energy dispersive spectroscopy (EDS). All numbers are in at%.

Origin Al Si Ti V Cr Mn Co Ni Zr Sn

Design 0.4 4.0 12.0 10.0 7.5 8.1 8.0 28.2 21.5 0.3
Surface 0.7 4.2 11.2 10.1 7.5 8.4 8.2 29.3 20.3 0.1

3.3. Regions under the Zr Oxide/Hydroxide Layer

Figure 2a is a TEM bright field (BF) micrograph from a region containing two
typical AB2 crystals under the Zr oxide/hydroxide layer. Because of variations
in sample thicknesses and weak EDS spectrum signal, resulting from a very small
volume, composition calculations based on the TEM/EDS are much more challenging
(if even possible) than those in SEM/EDS. Therefore, in this paper, semi-quantitative
analyses were only carried out on several representative EDS spectra and most
of the EDS spectra were qualitatively compared without delving into inaccessible
quantitative details. EDS spectra recorded from the five numbered red box regions
in Figure 2a are displayed in Figure 2b–f. The EDS spectra of Regions 1 (Figure 2b)
and 3 (Figure 2d), which exhibit all expected elements of design with no detectable
O signal, are assigned to the metallic AB2 bulk phase. The EDS spectrum of Region 2
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showed a similar metal content to the AB2 bulk (Figure 2b,d) with an additional
miniscule amount of oxygen signal. The observed Ca signal is due to artifacts from
contamination during sample preparation. Figure 2e represents an EDS spectrum
recorded from Region 4, the surface of the AB2 phase, specifically heavily oxidized Zr,
Ti, and Ni, some K from the etching solution, and very small amounts of V, Cr, and Mn.
The spectrum is qualitatively similar to the buffer oxide in the previously reported
activated Si-free AB2 MH alloy surface [17]. Metallic Ni-inclusions were not visible in
this region. The EDS spectrum (Figure 2f) of the top most surface represents mostly
Zr and O, with smaller amounts of Ti, K, and Ni. The O/Zr atomic ratio in this region
was estimated to be approximately 2.7, which is between the ratios of ZrO2 (2.0) and
ZrO2¨ 2H2O or Zr(OH)4 (4.0), and is closer to the former. This is the reason why this
region was designated as a Zr oxide/hydroxide. With a surface oxide/hydroxide
covering the entire surface and no metallic Ni embedded in the supporting oxide,
the AB2 region directly beneath the surface oxide is considered electrochemically
inactive and cannot be the source of the improved low-temperature performance.
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Table 2. EDS results from two phases identified by TEM BF micrography in Figure 3a. All numbers 
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Figure 2. (a) A transmission electron microscopy (TEM) bright field (BF)
micrograph showing the region representative of the AB2 phase underneath
the surface Zr oxide/hydroxide and (b)–(f) the corresponding EDS spectra from
Areas 1–5.
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A TEM BF micrograph taken from a different region shows three bright contrast
areas in Figure 3a. Two are marked with A and one is marked with B. In addition
to a dark contrast area on the left side of B, a crack clearly separates Areas A and
B. Small cracks and fissures are normally generated during the hydrogenation and
grinding processes. The EDS spectra from Areas A and B are shown in Figure 3b,c,
respectively. Both spectra show no trace of O and a full compositional analysis
(in at%) are presented in Table 2. According to the composition measurements, Areas
A and B were identified as AB2 and B2 phases, respectively. In summary: the AB2

phase contains all the elements in the composition; the B2 phase consists mainly of
Ti, Zr, Ni, and Co. Low solubilities of V, Cr, and Mn in the B2 phase are in agreement
with a previous report [33] and almost all the Si resides in the AB2 phase.

Table 2. EDS results from two phases identified by TEM BF micrography in
Figure 3a. All numbers are in at%. ND denotes not detectable.

Location Al Si Ti V Cr Mn Co Ni Zr

Area A (AB2 phase) 1.25 5.23 9.77 13.06 12.47 9.86 8.60 23.59 16.12
Area B (B2 phase) ND 0.19 24.08 1.08 ND 0.78 6.93 47.40 19.52
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Figure 3. (a) A TEM BF micrograph and the corresponding EDS spectra from
(b) Area A (AB2 phase) and (c) Area B (B2 phase).

Further EDS spectra from the B2 phase and the dark contrast area will be discussed
below in Figure 4. Figure 4a is a high-magnification TEM BF micrograph focusing on
the bottom left corner of the B2 crystal and its surrounding areas. EDS examination was
carried out in the following six areas: Region 1 represents the surface oxide/hydroxide,
Region 2 shows the B2 bulk crystal (the same B2 crystal shown in Figure 3a), and
Regions 3–6 are in the regions between B2 and surface oxide/hydroxide and the
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boundary areas surrounding the B2 phase. The corresponding EDS spectra are shown in
Figure 4b–g. The EDS spectrum of Region 1 (Figure 4b) is very similar to that shown in
Figure 2f representing a typical Zr oxide/hydroxide feature. The O/Zr ratios in the Zr
oxide/hydroxide surface for both the AB2 and B2 phases are very similar. Meanwhile,
the EDS spectrum of Region 2—very similar to the one displayed in Figure 3c—is
considered to represent the bulk of metallic B2 phase, and those from Regions 3–5
are hypothesized to be buffer oxide with high Ni-content. Region 6, a region next to
an activated grain boundary, also shows a similar spectrum, but with an even higher
Ni-content. No metallic Ni-inclusions were found in the region of the B2 phase under the
surface oxide. This is similar to the AB2 phase under the Zr oxide/hydroxide. Judging
from the high packing density of the surface Zr oxide/hydroxide, the region of the B2
phase under the same oxide is not electrochemically active.
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Figure 4. (a) A higher magnification TEM BF micrograph of Figure 3a, showing the
B2 phase underneath the surface Zr oxide/hydroxide and (b)–(g) the corresponding
EDS spectra from Areas 1–6.

3.4. Electrochemically Active Surfaces on the AB2 Phase

Figure 5a is a TEM BF micrograph showing open space areas filled with
fibrous-like microstructures near the middle portion of the view. A red rectangular
region marked at the bottom edge of an open area (surface oxide) was closely
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examined by TEM BF micrography in higher magnification, shown in Figure 5b.
The EDS spectra recorded from Areas 1–3 are present in Figure 5c–e, respectively.
Area 1 contains mainly Ni oxide/hydroxide with small amounts of Cr, Zr, Ti, Mn,
Si, and K (from the etching solution). Both Areas 2 and 3 are composed of partial
oxides from all the metallic components and the oxygen signal intensity in Area 2
is higher than that in Area 3. In both areas, while the overall compositions are
similar to that of the AB2 phase (Figure 2b), the Ni-contents are significantly higher.
This area can be considered as the surface oxide region of AB2 phase, under the Ni
oxide/hydroxide layer.
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Figure 5. (a) A TEM BF micrograph showing the interface between oxide/AB2

phases; (b) a higher magnification image from the red box region shown in (a); and
(c)–(e) the associative EDS spectra from areas identified in (b).
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The fine microstructure of the Ni oxide/hydroxide-AB2 phase interface was
further investigated with high resolution (HR) TEM. A representative HR-TEM
micrograph in Figure 6a shows an oxide region sandwiched between two AB2 metal
alloy grains. The central portion is filled with a high density of fibrous-like features,
similar to the oxide formation found in La-addition AB2 metal alloys [26]. A higher
magnification micrograph of the same region clearly shows layered structures
associated with oxide formation (Figure 6b). Finally, the atomic fringes of the
AB2 crystal are clearly visible in Figure 6c. These atomic fringes have an average
inter-planar distance of 0.24 nm, which is close to the (200) plane of a C14 structure.
The interface between the oxide and AB2 metal alloy bulk crystal (green line) is
very clean and free of any amorphous phase, as is the buffer oxide layer reported
earlier [17]. A selective area electron diffraction pattern (SAD) in the oxide region is
shown in Figure 6f. The lattice spacing, calibrated with a Pd foil, is 0.325 nm, which is
very close to the (101) inter-planar distance of 0.323 nm for a Ni2O3 crystal [41]. The
compositions of the oxide and AB2 phases were studied by EDS and the resulting
spectra are shown in Figure 6e,f. The oxide area has an O/Ni ratio slightly higher
than the stoichiometric 1.5 in Ni2O3, contains some Cr, possibly traces of Co, Ti, and
no detectable Si. Therefore, this region is mainly Ni oxide with a small amount of
Ni(OH)2. The composition of the AB2 alloy crystal is very close to the one found
in the bulk (Figure 3b) with a small amount of oxygen, which suggests that a small
portion of the AB2 phase was oxidized. In summary, the region of AB2 directly
underneath the Ni2O3 sheets, which contain voids, is slightly oxidized and has direct
access to the electrolyte and, therefore, is considered electrochemically active.

The surface Ni oxide region examined more thoroughly by TEM is shown in
a regular TEM BF micrograph (Figure 7a), where some bright particles, marked by
red arrows 1, 2, and 4, are present in the surface Ni oxide/hydroxide region. The
composition of the four red arrow points shown in Figure 7a were examined by EDS
and the resulting spectra are displayed in Figure 7b–e. Point 1 indicates a mixture
of Ni and AB2 phase with some degree of oxidation (Figure 7b). Points 2 and 4 are
pure metallic Ni clusters. Point 3 exhibits a typical AB2 composition. The Ni metallic
inclusions are known to facilitate electrochemical reactions when they are imbedded
in the surface porous oxide [30]. We believe the metallic Ni-clusters (10–20 nm) found
here may not play an important role in the electrochemical reaction because of their
relatively low density, when compared to the typical Ni inclusion in the supportive
oxide on the conventional MH alloys.
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Figure 6. (a) A TEM BF micrograph showing the oxide between two AB2

crystals; (b) a higher magnification image of one interface; (c) a clean interface
image showing lattice fringes of 0.24 nm inter-planar spacing for the AB2

crystal (200) plane and the oxide; (d) a SAD pattern from the oxide region
showing an inter-planar distance of 0.325 nm and EDS spectra recorded from
(e) the corresponding oxide and (f) AB2 phase areas.
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The surface Ni oxide region examined more thoroughly by TEM is shown in a regular TEM BF 
micrograph (Figure 7a), where some bright particles, marked by red arrows 1, 2, and 4, are present 
in the surface Ni oxide/hydroxide region. The composition of the four red arrow points shown in 
Figure 7a were examined by EDS and the resulting spectra are displayed in Figure 7b–e. Point 1 
indicates a mixture of Ni and AB2 phase with some degree of oxidation (Figure 7b). Points 2 and 4 
are pure metallic Ni clusters. Point 3 exhibits a typical AB2 composition. The Ni metallic inclusions 
are known to facilitate electrochemical reactions when they are imbedded in the surface porous oxide 
[30]. We believe the metallic Ni-clusters (10–20 nm) found here may not play an important role in the 
electrochemical reaction because of their relatively low density, when compared to the typical Ni 
inclusion in the supportive oxide on the conventional MH alloys. 

 

 

Figure 7. (a) A TEM BF micrograph showing surface oxide and imbedded Ni-clusters and (b)–(e) the 
corresponding EDS spectra from the areas identified in (a). 

The Ni-inclusions were studied further using TEM micrography combined with EDS mappings. 
There are three clusters, each with a diameter of approximately 10 nm, denoted by red arrows in 
Figure 8a. The corresponding Ni- and O-mappings in the same area indicate that these three particles 
are made of Ni without any O and are therefore metallic Ni. Besides the Ni-inclusions in the region, 
the Ni-mapping coincides with O-mapping very well in the remaining areas, which signify that the 
surface of AB2 phase in this region is covered mostly by Ni oxide/hydroxide. 
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Figure 8. (a) A TEM BF micrograph showing three metallic Ni-clusters, indicated by arrows, in the 
oxide on the AB2 phase surface, and EDS mappings of (b) Ni and (c) O. 

Figure 7. (a) A TEM BF micrograph showing surface oxide and imbedded
Ni-clusters and (b)–(e) the corresponding EDS spectra from the areas identified
in (a).

The Ni-inclusions were studied further using TEM micrography combined with
EDS mappings. There are three clusters, each with a diameter of approximately
10 nm, denoted by red arrows in Figure 8a. The corresponding Ni- and O-mappings
in the same area indicate that these three particles are made of Ni without any O and
are therefore metallic Ni. Besides the Ni-inclusions in the region, the Ni-mapping
coincides with O-mapping very well in the remaining areas, which signify that the
surface of AB2 phase in this region is covered mostly by Ni oxide/hydroxide.

Magnetic susceptibility measurements were used to quantify the total amount of
metallic Ni on the surface, using the saturated magnetic susceptibility (MS) and the
average magnetic domain size, which is reversely proportional to the magnetic field
strength at one-half of the MS value (H1/2). Details of the measurement protocol can
be found in our earlier publications [30,33]. According to the results shown in Table 3,
the Si-containing Si5 AB2 MH alloy has a slightly lower total amount of metallic Ni,
with a similar average Ni cluster size to those in the Si-free Si0 alloy. Therefore, the
enhancement in the low-temperature performance with the addition of Si in the formula
cannot be linked to metallic Ni-clusters. When compared to other AB5 and A2B7 in
Table 3, the AB2 alloys have an insufficient amount of surface metallic Ni-that too small
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in size, which, therefore, increases in the surface catalytic ability by other means is
extremely critical for improving the electrochemical performance of AB2 MH alloys.
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by arrows, in the oxide on the AB2 phase surface, and EDS mappings of
(b) Ni and (c) O.

Table 3. Comparison of saturated magnetic susceptibility (MS) and applied
magnetic field, corresponding to half of MS (H1/2), for Si-free Si0 and Si-containing
Si5 AB2, AB5 and some A2B7 MH alloys. Mm stands for Ce-free misch metal.

Properties Si5-AB2 Si0-AB2 AB5 La-A2B7 Nd-A2B7 Mm-A2B7

MS in
emu¨ g´1 0.0324 0.0372 0.434 0.369 0.679 0.314

H1/2 in kOe 0.451 0.493 0.173 0.125 0.102 0.128
References This work [33] [30] [30] Nd-AB5 [31]

3.5. Electrochemically Active Surfaces on the B2 Phase

The B2 phase, only 3.0 wt% of Si4, can also be an electrochemical active
component in the AB2 MH alloy [42,43]. A TEM BF micrograph in Figure 9a
shows that the same surface of B2 phase was not entirely covered by the thick
Zr oxide/hydroxide, as addressed in Section 3.3. The EDS spectra taken from the
areas marked as 1, 2, 3, and 4 are shown in Figure 9b–e, respectively. The spectrum
of Area 1 shows a typical element-distribution of a B2 phase (refer to Figure 3c).
Area 2 contains mainly Ni and O with an O/Ni ratio of roughly 0.7, which suggest a
mixture of metallic Ni and Ni oxide. The composition in Area 3 approaches a fully
oxidized Ni oxide, while Area 4 may be a mix of metal (Zr, Ti, and Ni) oxides. From
the structure, Region 2 is proposed to be the catalyst for the electrochemical reaction.
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alloys. Mm stands for Ce-free misch metal. 

Properties Si5-AB2 Si0-AB2 AB5 La-A2B7 Nd-A2B7 Mm-A2B7 
MS in emu·g−1 0.0324 0.0372 0.434 0.369 0.679 0.314 

H1/2 in kOe 0.451 0.493 0.173 0.125 0.102 0.128 
References This work [33] [30] [30] Nd-AB5 [31] 

3.5. Electrochemically Active Surfaces on the B2 Phase 

The B2 phase, only 3.0 wt% of Si4, can also be an electrochemical active component in the AB2 
MH alloy [42,43]. A TEM BF micrograph in Figure 9a shows that the same surface of B2 phase was 
not entirely covered by the thick Zr oxide/hydroxide, as addressed in Section 3.3. The EDS spectra 
taken from the areas marked as 1, 2, 3, and 4 are shown in Figure 9b–e, respectively. The spectrum of 
Area 1 shows a typical element-distribution of a B2 phase (refer to Figure 3c). Area 2 contains mainly 
Ni and O with an O/Ni ratio of roughly 0.7, which suggest a mixture of metallic Ni and Ni oxide. The 
composition in Area 3 approaches a fully oxidized Ni oxide, while Area 4 may be a mix of metal (Zr, 
Ti, and Ni) oxides. From the structure, Region 2 is proposed to be the catalyst for the electrochemical 
reaction. 

 

 

Figure 9. (a) A TEM BF micrograph showing the oxide on the B2 phase surface and (b)–(e) the 
corresponding EDS spectra from the areas identified in (a). Figure 9. (a) A TEM BF micrograph showing the oxide on the B2 phase surface and

(b)–(e) the corresponding EDS spectra from the areas identified in (a).

A catalytic mixture of Ni metal/oxide can also be found in the activated (etched)
grain boundary between two B2 phase grains, as shown in the TEM BF micrograph
in Figure 10a. In this case, the grain boundary region reacts rapidly with the KOH
electrolyte, particularly with the connected voids, to remove the oxidation products
and replace them with fresh electrolyte. The three square numbered areas were
analyzed by EDS and the resulting spectra are shown in Figure 10b–d. Both grains
(Areas 1 and 2) are assigned to the B2 phase, but with different compositions; while
Square 1 shows a typical bulk B2 composition (Figure 3c), Square 2 has higher Zr
and Sn content and a smaller Ti content. The dark spot in the grain boundary
between two B2 crystals shows a high-Ni level and some degree of oxidation of Zr
and Ti (Figure 10d). An HR-TEM BF image with an inserted SAD pattern is shown
in Figure 10e. The micrograph is filled by the nano-scaled crystallites (~2 nm in
diameter), attributing to the continuous halo-like rings in the SAD pattern. The ring
patterns represent the face-centered cubic structure of the material. Among them,
the most intense pattern corresponds to a lattice spacing of 0.21 nm, which results
from the metallic Ni (111) plane. Figure 10f is a slightly lower magnification TEM
dark field (DF) micrograph from the same area. The observed bright spots are the Ni
nano-crystallites that are the dominating component in this area.
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with a SAD in the insert (e); and (f) a TEM DF micrograph from the same region as (e) showing the 
dominant Ni nano-crystallites. 

Figure 10. (a) A TEM BF micrograph showing the oxide between two B2 phases;
(b)–(d) the corresponding EDS spectra from the areas identified in (a); (e) a high
magnification TEM BF image with a SAD in the insert (e); and (f) a TEM DF
micrograph from the same region as (e) showing the dominant Ni nano-crystallites.

Another HR-TEM BF micrograph demonstrating the presence of oxide in the B2
phase grain boundary is shown in Figure 11a with the corresponding EDS mappings
of Ni (Figure 11b) and O (Figure 11c). Different from what is shown in Figure 8, the
Ni-mapping in Figure 11a–c complements the O-mapping, suggesting a high density
of metallic-Ni on the B2 phase surface.
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Figure 11. (a) A TEM BF micrograph showing oxide on the B2 phase surface, and EDS mappings of 
(b) Ni and (c) O. Different from Figure 8, the Ni-mapping here is complementary to the O-mapping, 
suggesting a high density of metallic-Ni on the B2 phase surface. 

4. Conclusions 

With a detailed TEM/EDS study, the surfaces of the main AB2 phases not covered by Zr 
oxide/hydroxide are identified as the main source of improvement in low-temperature 
electrochemical performance. The electrolyte interface is a porous open space filled with fibrous Ni 
oxide sheets. The metal/oxide interface is free from amorphous buffer oxide, which can substantially 
reduce charge-transfer resistance. The surface of the B2 phase not directly under the Zr 
oxide/hydroxide is also electrochemically active, but the significance to the improvement is 
considered of secondary order because of the small percentage (3.0 wt%) and lack of Si, which is very 
common in Si-free AB2 MH alloys. In contrast with the conventional MH alloys, the surface 
embedded metallic Ni nano-particles in the AB2 phase in the Si-containing alloys, with a relatively 
low density, do not contribute directly to the improvement in the low-temperature performance of 
the MH alloys. 
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Figure 11. (a) A TEM BF micrograph showing oxide on the B2 phase surface, and
EDS mappings of (b) Ni and (c) O. Different from Figure 8, the Ni-mapping here is
complementary to the O-mapping, suggesting a high density of metallic-Ni on the
B2 phase surface.

4. Conclusions

With a detailed TEM/EDS study, the surfaces of the main AB2 phases not
covered by Zr oxide/hydroxide are identified as the main source of improvement in
low-temperature electrochemical performance. The electrolyte interface is a porous
open space filled with fibrous Ni oxide sheets. The metal/oxide interface is free from
amorphous buffer oxide, which can substantially reduce charge-transfer resistance.
The surface of the B2 phase not directly under the Zr oxide/hydroxide is also
electrochemically active, but the significance to the improvement is considered of
secondary order because of the small percentage (3.0 wt%) and lack of Si, which
is very common in Si-free AB2 MH alloys. In contrast with the conventional MH
alloys, the surface embedded metallic Ni nano-particles in the AB2 phase in the
Si-containing alloys, with a relatively low density, do not contribute directly to the
improvement in the low-temperature performance of the MH alloys.

Acknowledgments: The authors would like to thank the following individuals from
BASF-Ovonic for their help: Benjamin Reichman, Benjamin Chao, Baoquan Huang,
Diana F. Wong, Taihei Ouchi, David Pawlik, Allen Chan, Ryan J. Blankenship, and Su Cronogue.

Author Contributions: Kwo-hsiung Young designed and conduct the experiment. Benjamin
Chao and Jean Nei helped in the data interpretation and manuscript preparation.

Conflicts of Interest: The authors declare no conflict of interest.

443



References

1. Hybrid Electric Vehicle. Available online: https://en.wikipedia.org/wiki/Hybrid_
electric_vehicle (accessed on 30 August 2015).

2. Takasaki, T.; Nishimura, K.; Saito, M.; Fukunaga, H.; Iwaki, T.; Sakai, T. Cobalt-free
nickel–metal hydride battery for industrial applications. J. Alloys Compd. 2013, 580,
S378–S381.

3. Nishimura, K.; Takasaki, T.; Sakai, T. Introduction of large-sized nickel–metal hydride
battery GIGACELL® for industrial applications. J. Alloys Compd. 2013, 580, S353–S358.

4. Kai, T.; Ishida, J.; Yasuoka, S.; Takeno, K. The effect of nickel-metal hydride battery’s
characteristics with structure of the alloy. In Proceedings of the 54th Battery Symposium
in Japan, Osaka, Japan, 6–9 October 2013; p. 210.

5. Kang, J.; Yan, F.; Zhang, P.; Du, C. Comparison of comprehensive properties of Ni-MH
(nickel-metal hydride) and Li-ion (lithium-ion) batteries in terms of energy efficiency.
Energy 2014, 70, 618–625.

6. Ovshisnky, S.R.; Fetcenko, M.A.; Ross, J. A nickel metal hydride battery for electric
vehicles. Science 1993, 260, 176–181.

7. Dhar, S.K.; Ovshinsky, S.R.; Gifford, P.R.; Corrigan, D.A.; Fetcenko, M.A.; Venkatesan, S.
Nickel/metal hydride technology for consumer and electric vehicle batteries—A review
and up-date. J. Power Sources 1997, 65, 1–7.

8. Fierro, C.; Zallen, A.; Koch, K.; Fetcenko, M.A. The influence of nickel-hydroxide
composition and microstructure on the high-temperature performance of nickel metal
hydride batteries. J. Electrochem. Soc. 2006, 153, A492–A496.

9. Fetcenko, M.A.; Ovshinsky, S.R.; Reichman, B.; Young, K.; Fierro, C.; Koch, J.; Zallen, A.;
Mays, W.; Ouchi, T. Recent advances in NiMH battery technology. J. Power Sources 2007,
165, 544–551.

10. Kong, F.; Kostecki, R.; Nadeau, G.; Song, X.; Zaghib, K.; Kinoshita, K.; McLarnon, F.
In situ studies of SEI formation. J. Power Sources 2001, 97–98, 58–66.

11. Vetter, J.; Novák, P.; Wagner, M.R.; Veit, C.; Möller, K.-C.; Besenhard, J.O.; Winter, M.;
Wohlfahrt-Mehrens, M.; Vogler, C.; Hammouche, A. Ageing mechanisms in lithium-ion
batteries. J. Power Sources 2005, 147, 269–281.

12. Zhang, S.S. A review on electrolyte additives for lithium-ion batteries. J. Power Sources
2006, 162, 1379–1394.

13. Schranzhofer, H.; Bugajski, J.; Santner, H.J.; Korepp, C.; Möller, K.-C.; Besenhard, J.O.;
Winter, M.; Sitte, W. Electrochemical impedance spectroscopy study of the SEI formation
on graphite and metal electrodes. J. Power Sources 2006, 153, 391–395.

14. Bryngelsson, H.; Stjerndahl, M.; Gustafsson, T.; Edström, K. How dynamic is the SEI?
J. Power Sources 2007, 174, 970–975.

15. Kim, S.; van Duin, A.C.T.; Shenoy, V.B. Effect of electrolytes on the structure and evolution
of the solid electrolyte interphase (SEI) in Li-ion batteries: A molecular dynamics study.
J. Power Sources 2011, 196, 8590–8597.

16. Colclasure, A.M.; Smith, K.A.; Kee, R.J. Modeling detailed chemistry and transport for
solid-electrolyte-interface (SEI) films in Li–ion batteries. Electrochim. Acta 2011, 58, 33–43.

444



17. Young, K.; Chao, B.; Liu, Y.; Nei, J. Microstructures of the oxides on the activated AB2

and AB5 metal hydride alloys surface. J. Alloys Compd. 2014, 606, 97–104.
18. Schlapbach, L.; Stucki, F.; Seiler, A.; Siegmann, H.C. The formation of superparamagnetic

metallic Ni and Fe particles at the surface of intermetallics by surface segregation. Surf.
Sci. 1981, 106, 157–159.

19. Stucki, F.; Schlapbach, L. Magnetic properties of LaNi5, FeTi, Mg2Ni and their hydrides.
J. Less Comm. Metal. 1980, 74, 143–151.

20. Stucki, F. Surface analysis by magnetization measurements on FeTi and Fe0.85Mn0.15Ti.
J. Appl. Phys. 1982, 53, 2643–2644.

21. Kim, G.; Chun, C.; Lee, S.; Lee, J. A study on the microstructural change of surface of
the intermetallic compound LaNi5 by hydrogen absorption. Scr. Metall. Mater. 1993, 29,
485–490.

22. Broom, D.P.; Kemali, M.; Ross, D.K. Magnetic properties of commercial metal hydride
battery materials. J. Alloys Compd. 1999, 293–295, 255–259.

23. Tai, L.T.; Hang, B.T.; Thuy, N.P.; Hieh, T.D. Magnetic properties of LaNi5-based
compounds. J. Magn. Magn. Mater. 2003, 262, 485–489.

24. Termsuksawad, P.; Niyomsoan, S.; Goldfarb, R.B.; Kaydanov, V.I.; Olson, D.L.; Mishra, B.;
Gavra, Z. Measurement of hydrogen in alloys by magnetic and electronic techniques.
J. Alloys Compd. 2004, 373, 86–95.

25. Li, W.K.; Ikeda, K.; Nakamori, Y.; Orimo, S.; Yakushiji, K.; Takanashi, K.; Ohyama, H.;
Nakatsuji, K.; Dansui, Y. Size distribution of precipitated Ni clusters on the surface of an
alkaline-treated LaNi5-based alloy. Acta Mater. 2007, 55, 481–485.

26. Young, K.; Chao, B.; Pawlik, D.; Shen, H. Transmission electron microscope studies in
the surface oxide on the La-containing AB2 metal hydride alloy. J. Alloys Compd. 2016.

27. Fetcenko, M.A.; Ovshinsky, S.R.; Young, K.; Reichman, B.; Fierro, C.; Koch, J.;
Mays, W.; Ouchi, T.; Sommers, B.; Zallen, A. High catalytic activity disordered
VTiZrNiCrCoMnAlSn hydrogen storage alloys for nickel–metal hydride batteries.
J. Alloys Compd. 2002, 330–332, 752–759.

28. Maurel, F.; Knosp, B.; Backhaus-Ricoult, M. Characterization of corrosion products of
AB5-type hydrogen storage alloys for nickel-metal hydride batteries. J. Electrochem. Soc.
2000, 147, 78–86.

29. Song, D.; Gao, X.; Zhang, Y.; Lin, D.; Zhou, Z.; Wang, G.; Shen, P. Surface analysis of
a TiNiB hydrogen storage electrode. J. Alloys Compd. 1993, 199, 161–163.

30. Young, K.; Huang, B.; Regmi, R.K.; Lawes, G.; Liu, Y. Comparisons of metallic clusters
imbedded in the surface oxide of AB2, AB5, and A2B7 alloys. J. Alloys Compd. 2010, 506,
831–840.

31. Young, K.; Nei, J. The Current Status of Hydrogen Storage Alloy Development for
Electrochemical Applications. Materials 2013, 6, 4574–4608.

32. Young, K.; Nei, J.; Wong, D.F.; Wang, L. Structural, hydrogen storage, and electrochemical
properties of Laves phase-related body-centered-cubic solid solution metal hydride
alloys. Int. J. Hydrog. Energy 2014, 39, 21489–21499.

445



33. Wong, D.F.; Young, K.; Nei, J.; Wang, L.; Ng, K.Y.S. Effects of Nd-addition on the
structural, hydrogen storage, and electrochemical properties of C14 metal hydride alloys.
J. Alloys Compd. 2015, 647, 507–518.

34. Young, K.; Ouchi, T.; Huang, B.; Reichman, B.; Blankenship, R. Improvement in ´40 ˝C
electrochemical properties of AB2 metal hydride alloy by silicon incorporation. J. Alloys
Compd. 2013, 575, 65–72.

35. Chen, J.; Dou, S.X.; Bradhurst, D.; Liu, H.K. Nickel Hydroxide as an Active Material for
the Positive Electrode in Rechargeable Alkaline Batteries. In Proceedings of the Twelfth
Annual Battery Conference on Applications and Advances, Long Beach, CA, USA, 14–17
January 1997; IEEE: Piscataway, NJ, USA, 1997; pp. 313–316.

36. Song, X.; Zhang, Z.; Zhang, X.B.; Lei, Y.Q.; Wang, Q.D. Effect of Ti Substitution on
the microstructure and properties of Zr–Mn–V–Ni AB2 type hydride electrode alloys.
J. Mater. Res. 1999, 14, 1279–1285.

37. Shi, Z.; Chumbley, S.; Laabs, F.C. Electron diffraction analysis of an AB2-type Laves
phase for hydrogen battery applications. J. Alloys Compd. 2000, 312, 41–52.

38. Song, X.; Chen, Y.; Sequeira, C.; Zhang, Z. Microstructural evolution of body-centered
cubic structure related Ti–Zr–Ni phases in non-stoichiometric Zr-based Zr–Ti–Mn–V–Ni
hydride electrode alloys. J. Mater. Res. 2003, 18, 37–44.

39. Boettinger, W.J.; Newbury, D.E.; Wang, K.; Bendersky, L.A.; Chiu, C.; Kattner, U.R.;
Young, K.; Chao, B. Examination of Multiphase (Zr,Ti)(V,Cr,Mn,Ni)2 Ni-MH Electrode
Alloys: Part I. Dendritic Solidification Structure. Metall. Mater. Trans. A 2010, 41,
2033–2047.

40. Bendersky, L.A.; Wang, K.; Boettinger, W.J.; Newbury, D.E.; Young, K.; Chao, B.
Examination of Multiphase (Zr,Ti)(V,Cr,Mn,Ni)2 Ni-MH Electrode Alloys: Part II.
Solid-State Transformation of the Interdendritic B2 Phase. Metall. Mater. Trans. A
2010, 41, 1891–1906.

41. Powder Diffraction File (PDF) Database; MSDS No. 00-014-0481; International Centre for
Diffraction Data: Newtown Square, PA, USA, 2011.

42. Young, K.; Reichman, B.; Fetcenko, M.A. Electrochemical performance of AB2 metal
hydride alloys measured at ´40 ˝C. J. Alloys Compd. 2013, 580, S349–S352.

43. Young, K.; Wong, D.F.; Nei, J.; Reichman, B. Electrochemical properties of
hypo-stoichiometric Y-doped AB2 metal hydride alloys at ultra-low temperature. J. Alloys
Compd. 2015, 643, 17–27.

446



Microstructure Investigation on Metal
Hydride Alloys by Electron Backscatter
Diffraction Technique
Yi Liu and Kwo-Hsiung Young

Abstract: The microstructures of two metal hydride (MH) alloys, a Zr7Ni10

based Ti15Zr26Ni59 and a C14 Laves phase based Ti12Zr21.5V10Ni36.2Cr4.5Mn13.6Sn0.3

Co2.0Al0.4, were studied using the electron backscatter diffraction (EBSD) technique.
The first alloy was found to be composed of completely aligned Zr7Ni10 grains
with a ZrO2 secondary phase randomly scattered throughout and a C15 secondary
phase precipitated along the grain boundary. Two sets of orientation alignments
were found between the Zr7Ni10 grains and the C15 phase: (001)Zr7Ni10A//(110)C15

and [100]Zr7Ni10A//[011]C15, and (011)Zr7Ni10B//(100)C15 and [100]Zr7Ni10B//[313]C15.
The grain growth direction is close to [313]Zr7Ni10B//[111]C15. The second alloy
is predominated by a C14 phase, as observed from X-ray diffraction analysis.
Both the matrix and dendrite seen through a scanning electron microscope arise
from the same C14 structure with a similar chemical composition, but different
orientations, as the matrix with the secondary phases in the form of intervening
Zr7Ni10/Zr9Ni11/(Zr,Ni)Ti needle-like phase coated with a thin layer of C15
phase. The crystallographic orientation of the C15 phase is in alignment with the
neighboring C14 phase, with the following relationships: (111)C15//(0001)C14 and
[110]C15//[1120]C14. The alignments in crystallographic orientations among the
phases in these two multi-phase MH alloys confirm the cleanliness of the interface
(free of amorphous region), which is necessary for the hydrogen-storage synergetic
effects in both gaseous phase reaction and electrochemistry.

Reprinted from Batteries. Cite as: Liu, Y.; Young, K.-H. Microstructure Investigation
on Metal Hydride Alloys by Electron Backscatter Diffraction Technique. Batteries
2016, 2, 26.

1. Introduction

Nickel/metal hydride (Ni/MH) batteries have been the choice of energy storage
medium for powering hybrid electric vehicles (HEVs) over the past fifteen years due
to their unmatched safety record and durable cycle life. Facing challenges from other
emerging battery technologies, further improvement in Ni/MH battery performance
is needed, especially with regard to energy density. While potential improvement
in the positive electrode (nickel hydroxide) is limited, the hope of improving the
energy density falls to the negative electrode. Laves phase based metal hydride
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(MH) AB2 alloys have a great potential in gravimetric specific energy, compared
to currently used AB5 alloys [1–5]. A Mn-rich AB2 MH alloy (Ti0.9Zr0.1Mn1.6Ni0.4)
with the electrochemical capacity of 438 mAh¨ g´1 after 150 formation cycles has
been reported [6]. Another Ni-rich AB2 MH alloy, Ti0.62Zr0.38V0.41Cr0.30Mn0.36Ni0.89,
exhibited a discharge capacity of 424 mAh¨ g´1 after activation in a 30% KOH bath
at 110 ˝C for 4.5 h [7]. These capacity values are 40% higher than the 320 mAh¨ g´1

found in commercially available AB5 alloys. Although higher in energy density,
Laves phase based AB2 MH alloys have lower nickel content in their chemical
compositions due to the lower B/A ratio of 2, compared to 5 for AB5 alloys.
This deficiency in nickel makes AB2 less catalytic in electrochemical reactions [8].
One way to improve the electrochemical performance in AB2 alloys is through
the introduction of minor secondary phases. Through synergetic effects between
neighboring phases, the electrochemical properties of the multi-phase AB2 alloys can
be much improved [9–12]. Therefore, investigation of the primary/secondary phase
interactions can provide very important insight in this area. We have previously
reported results from studies of the synergetic effects in gaseous phase hydrogen
storage [13], electrochemical charge/discharge [14], and a comparison between the
two [15]. In both gaseous phase and electrochemistry, a “coherent” interface (free
from amorphous, highly defective, and other interruptive region in between two
different phases) was proposed to diffuse hydrogen and protons, and transfer stress
from the hydrogenated side to the un-hydrogenated side (Figure 1). A few analytical
works have been used to study the microstructure of the interface between the
matrix and minor phases. Akiba and Iba [16,17] reported a microstructure between
C14 and body-centered-cubic (bcc) phases by scanning electron microscopy (SEM).
Chen and her coworkers reported the alignment in crystallographic orientations
between the C15 and bcc phases [18]. Song and his coworkers [19–21] reported
the microstructures among the C14, C15, (Zr,Ti)Ni, and Zr9Ni11 phases. Shi and
his coworkers [22] reported the crystallographic orientation alignment between the
C14 and C15 phases. In addition, C14, face-centered-cubic (fcc), and bcc phases
were also examined by Shibuya et al. [23]. The microstructures of the secondary
phases in AB2 MH alloys, including Zr7Ni10, Zr9Ni11, and TiNi, were studied by
SEM and transmission electron microscopy (TEM) by Boettinger, Bendersky, and
their coworkers [24,25].

Electron backscatter diffraction (EBSD), also known as backscatter Kikuchi
diffraction or orientation imaging microscopy (OIM), is a microstructural-
crystallographic technique that examines the crystallographic orientation of the
constituent phases in a polycrystalline material. Combined with information
of the chemical composition from X-ray energy dispersive spectroscopy (EDS),
the capabilities of both techniques can be enhanced, including insight into the
microstructure study of grains with mixed compositions and orientations [28]. In the
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past, we had employed EBSD in a study of Zr7Ni10 based MH alloys [29], but the
details regarding the crystallographic orientations were not discussed. We have
also employed this technique to show the clean grain boundary in the C14/bcc
multi-phase MH alloys [30]. In this paper, we further explore the strength of EBSD to
study the crystallographic connection between the main and secondary phases of
two MH alloys.
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Figure 1. Schematic diagrams showing a coherent interface between the M1 (blue balls) and M2 (red 
balls) phases at the stages of (a) no hydrogen; (b) M1 partially hydrided and the metal (α)–metal 
hydride (MH, β) phase boundary carrying the high-stress; and (c) M1 completely hydrided and the 
M2 lattice expanded due to the stress from the M1 side, which facilitates the entrance of hydrogen 
(green dot) to enter the M2 side, an incoherent interface at the stage of (d) no hydrogen; (e) M1 with 
mixed α and β phases; and (f) M1 in the β phase and M2 in the α phase, and pressure-concentration-
temperature (PCT) isotherms corresponding to a multi-phase MH alloy with (g) a coherent interface 
(a–c) and (h) an incoherent interface (d–f). P1 and P2 are the equilibrium pressures for the M1 and M2 
phases, respectively. Forward and backward arrows represent absorption and desorption isotherms, 
respectively. While (g) PCT isotherm can be found in most of the AB2 multi-phase MH alloys with 

Figure 1. Schematic diagrams showing a coherent interface between the M1 (blue
balls) and M2 (red balls) phases at the stages of (a) no hydrogen; (b) M1 partially
hydrided and the metal (α)–metal hydride (MH, β) phase boundary carrying the
high-stress; and (c) M1 completely hydrided and the M2 lattice expanded due to the
stress from the M1 side, which facilitates the entrance of hydrogen (green dot)
to enter the M2 side, an incoherent interface at the stage of (d) no hydrogen;
(e) M1 with mixed α and β phases; and (f) M1 in the β phase and M2 in the α

phase, and pressure-concentration-temperature (PCT) isotherms corresponding to
a multi-phase MH alloy with (g) a coherent interface (a–c) and (h) an incoherent
interface (d–f). P1 and P2 are the equilibrium pressures for the M1 and M2 phases,
respectively. Forward and backward arrows represent absorption and desorption
isotherms, respectively. While (g) PCT isotherm can be found in most of the AB2

multi-phase MH alloys with strong synergetic effects from secondary phases ([26],
for instance), (h) isotherm can be found in a discrete system such as Mg2Ni and Ni
mixture [27].
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2. Experimental Setup

Ingot samples were prepared by induction melting under an argon atmosphere
in a 2 kg induction melting furnace using an MgAl2O4 crucible, an alumina tundish,
and a steel pancake-shaped mold. A Philips X’Pert Pro X-ray diffractometer (XRD,
Philips, Amsterdam, The Netherlands) was used to study the constituent phases
in the samples. A piece of the ingot was cut off and went through a series of
mechanical polishes. Final polishing was conducted by soaking the sample in a
0.05 µm silica colloidal suspension for several hours. It has been demonstrated
that samples mechanically polished in this way show high quality Kikuchi patterns
obtained by EBSD. The sample was observed using a backscattered electron (BSE)
detector to show the contrast of different phases under a Hitachi S-2400 SEM (Hitachi
High-Technologies Corp., Tokyo, Japan) equipped with EDS (EDAX Inc., Mahwah,
NJ, USA) and EBSD/OIM systems. Diffraction patterns (Kikuchi patterns) were
obtained by the EBSD system, which was attached to the SEM. The EBSD system was
made by HKL Technology (Hobro, Denmark, now merged with Oxford Instruments,
Inc., Abingdon, UK). The C14 phase exhibited an MgZn2 type crystal structure with
space group P63/mmc (#194), while C15 phase has the MgCu2 type crystal structure
with space group Fd3m (#227). Acquired using the EBSD pattern acquisition Software
Flamenco 5.0 (Oxford Instruments Inc., Abingdon, UK), the computer simulated
EBSD patterns for the C14 and C15 crystal structures are illustrated in Figures 2
and 3, respectively. The main differences between the two sets of EBSD patterns are:
a four-fold symmetry exists in the (100) pole of the C15 (cubic) structure (Figure 3a)
but not in the C14 (hexagonal) structure; [110] bands near the (110) pole of the C15
structure (yellow lines connecting poles (110) and (111) in Figure 3b) but not in the
equivalent (1100) plane in the C14 structure (Figure 2b); and [313] bands near the (111)
pole of the C15 structure (pink lines connecting poles (231) and (332) in Figure 3c) but
not in the equivalent (0001) projection in the C14 structure (Figure 2a). The operating
voltage was 25 kV. Local chemical compositions were analyzed by EDS. Statistical
analysis on the microstructure was performed by using “Scion Image”, which is the PC
version of the free software “NIH Image” (Scion Corp., Frederick, MD, USA) [31].
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(cubic) crystal structure. 

3. Results 

Two multi-phase MH alloys were chosen for this study. Their structures and hydrogen storage 
properties are summarized in Table 1 based on previous studies [29,32]. The first alloy (ZN06) is from 
a Zr7Ni10 based alloy family targeted to increase storage capacities [29]. The second alloy (AB2#2) is 
from a group of 33 high-performance AB2 alloys prepared for composition optimization [32]. 
Although these alloys are not the most optimized, their simpler structures make them better 
candidates for the EBSD studies. 

Table 1. Chemical compositions and hydrogen storage properties of two alloys used in this study. 
Compositions are in at%. High-rate dischargeability is defined as the ratio of the discharge capacities 
obtained from C/7 and C/70 rates in a half-cell configuration. 
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Electrochemical 
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High-Rate 
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ZN06 Zr7Ni10 C15 1.12 186 0.74 

AB2#2 C14 
C15, Zr7Ni10, 
Zr9Ni11, ZrNi 

1.66 384 0.98 

3.1. Zr7Ni10-Based Alloy 

The ZN06 (Ti15Zr26Ni59) alloy from a previous study on TixZr7−xNi10 MH alloys [29] was chosen 
for further structural studies using the EBSD technique. XRD analysis indicates an orthorhombic 
Zr7Ni10 main phase and a C15 secondary phase (Figure 1 in [29]) in ZN06. A representative SEM-BSE 
image from the ZN06 alloy is shown in Figure 4. The main matrix showing different gray scale 
contrast is the Z7Ni10 phase. The dark areas at the grain boundary and black boulders are C15 and 
ZrO2 phases, respectively. The chemical compositions in the numbered areas (main matrix) in Figure 
4 were analyzed by EDS and the results are listed in Table 2. The EDS technique is generally 
considered as only a semi-quantitative analytic tool and the results have to be interpreted carefully. 
The B/A ratios obtained using EDS (1.22–1.24) are well lower than the ideal Zr7Ni10 stoichiometry 
(B/A = 1.43). The composition range of Zr7Ni10 in the Zr-Ni binary phase diagram includes Zr content 
from 0.41 to 0.45, which corresponds to a B/A ratio of 1.22–1.44. The B/A ratios found in this study lie 
near the low end of the allowable solubility of the Zr7Ni10 phase. Small variations in the compositions 
listed in Table 2 can be observed. The standard deviation in % for Ti, Zr, and Ni-contents are 2.1, 1.0, 
and 0.24, respectively. Most of the deviations are in the A-site atoms, especially for Ti. The variation 
in contrasts, as seen from the BSE image in Figure 4, is electron channeling contrast (ECC) due to the 
different orientations of the grains. The difference in orientation of the grain is sometimes very little, 
but, due to diffraction, can cause very different contrast, even due to mis-orientation between sub-
grains. In order to confirm the source of the contrast, EBSD patterns were taken from an area with 
laminated layers exhibiting various BSE contrasts, as shown in Figure 5. The crystallographic 
orientations of these areas align very well, which includes the possibility of the contrast originating 

Figure 3. Computer generated EBSD patterns for: (a) (001); (b) (110); and (c) (111)
surfaces of a C15 (cubic) crystal structure.

3. Results

Two multi-phase MH alloys were chosen for this study. Their structures
and hydrogen storage properties are summarized in Table 1 based on previous
studies [29,32]. The first alloy (ZN06) is from a Zr7Ni10 based alloy family targeted
to increase storage capacities [29]. The second alloy (AB2#2) is from a group
of 33 high-performance AB2 alloys prepared for composition optimization [32].
Although these alloys are not the most optimized, their simpler structures make
them better candidates for the EBSD studies.

451



Table 1. Chemical compositions and hydrogen storage properties of two alloys
used in this study. Compositions are in at%. High-rate dischargeability is defined
as the ratio of the discharge capacities obtained from C/7 and C/70 rates in a
half-cell configuration.

Alloy Major
Phase

Minor
Phase(s)

Gaseous Phase
Storage @30 ˝C

(wt%)

Electrochemical
Capacity

(mAh¨ g´1)

High-Rate
Dischargeability

ZN06 Zr7Ni10 C15 1.12 186 0.74

AB2#2 C14

C15,
Zr7Ni10,
Zr9Ni11,

ZrNi

1.66 384 0.98

3.1. Zr7Ni10-Based Alloy

The ZN06 (Ti15Zr26Ni59) alloy from a previous study on TixZr7´xNi10 MH
alloys [29] was chosen for further structural studies using the EBSD technique. XRD
analysis indicates an orthorhombic Zr7Ni10 main phase and a C15 secondary phase
(Figure 1 in [29]) in ZN06. A representative SEM-BSE image from the ZN06 alloy
is shown in Figure 4. The main matrix showing different gray scale contrast is the
Z7Ni10 phase. The dark areas at the grain boundary and black boulders are C15 and
ZrO2 phases, respectively. The chemical compositions in the numbered areas (main
matrix) in Figure 4 were analyzed by EDS and the results are listed in Table 2. The EDS
technique is generally considered as only a semi-quantitative analytic tool and the
results have to be interpreted carefully. The B/A ratios obtained using EDS (1.22–1.24)
are well lower than the ideal Zr7Ni10 stoichiometry (B/A = 1.43). The composition
range of Zr7Ni10 in the Zr-Ni binary phase diagram includes Zr content from 0.41
to 0.45, which corresponds to a B/A ratio of 1.22–1.44. The B/A ratios found in
this study lie near the low end of the allowable solubility of the Zr7Ni10 phase.
Small variations in the compositions listed in Table 2 can be observed. The standard
deviation in % for Ti, Zr, and Ni-contents are 2.1, 1.0, and 0.24, respectively. Most of
the deviations are in the A-site atoms, especially for Ti. The variation in contrasts, as
seen from the BSE image in Figure 4, is electron channeling contrast (ECC) due to
the different orientations of the grains. The difference in orientation of the grain is
sometimes very little, but, due to diffraction, can cause very different contrast, even
due to mis-orientation between sub-grains. In order to confirm the source of the
contrast, EBSD patterns were taken from an area with laminated layers exhibiting
various BSE contrasts, as shown in Figure 5. The crystallographic orientations of
these areas align very well, which includes the possibility of the contrast originating
from different orientations. A typical EBSD pattern and a computer generated index
from a Zr7Ni10 phase are present in Figure 6 for reference.
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by X-ray energy dispersive spectroscopy (EDS) and the results are listed in Table 2. 

Table 2. Chemical compositions as measured by EDS in different areas shown in Figure 4 (in at%). 

Location Ti Zr Ni B/A Ratio
1 12.65 32.30 55.05 1.224 
2 12.83 31.76 55.40 1.242 
3 12.75 31.88 55.37 1.241 
4 12.44 32.43 55.13 1.229 
5 12.08 32.65 55.26 1.235 

Standard deviation (%) 2.1 1.0 0.24 0.55 

 

Figure 5. EBSD patterns of 12 different spots on a ZN06 alloy sample showing the crystallographic 
orientations of all the studied Zr7Ni10 grains are well aligned. 

Figure 4. A scanning electron microscopy (SEM)-backscattered electron (BSE)
micrograph from the ZN06 alloy. The main matrix, black phase in the grain
boundary, and black boulders correspond to the Zr7Ni10, C15, and ZrO2 phases.
The chemical compositions in the numbered areas were analyzed by X-ray energy
dispersive spectroscopy (EDS) and the results are listed in Table 2.

Table 2. Chemical compositions as measured by EDS in different areas shown in
Figure 4 (in at%).

Location Ti Zr Ni B/A Ratio

1 12.65 32.30 55.05 1.224
2 12.83 31.76 55.40 1.242
3 12.75 31.88 55.37 1.241
4 12.44 32.43 55.13 1.229
5 12.08 32.65 55.26 1.235

Standard deviation (%) 2.1 1.0 0.24 0.55

The SEM micrograph, together with the four EBSD patterns from two Zr7Ni10

phases, one C15 phase, and one ZrO2 phase are shown in Figure 5 in [29]. Eight
more EBSD patterns from the Zr7Ni10 phase in the same area are presented in
Figure 7. The Zr7Ni10 phase has an orthorhombic structure with space group
Cmca (#64). There are three distinctive orientations (A, B, and C) for the
Zr7Ni10 phase as shown in Figure 7. The orientations A and B deviate by only
approximately 5˝ and the crystallographic orientation alignment between A and
C is (293)Orientation A//(011)Orientation C and [313]Orientation A//[111]Orientation C. The
alignments in the crystallographic orientation of Zr7Ni10 and C15 phases in Figure 5
in [29] are (011)Zr7Ni10B//(100)C15 and [100]Zr7Ni10B//[313]C15, and (001)Zr7Ni10C //
(110)C15 and [100]Zr7Ni10C//[011]C15. The grain growth direction projected on the
plane is close to: [313]Zr7Ni10B//[111]C15.
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Figure 6. (a) A typical EBSD pattern; and (b) a computer generated index from a Zr7Ni10 phase. 

The SEM micrograph, together with the four EBSD patterns from two Zr7Ni10 phases, one C15 
phase, and one ZrO2 phase are shown in Figure 5 in [29]. Eight more EBSD patterns from the Zr7Ni10 
phase in the same area are presented in Figure 7. The Zr7Ni10 phase has an orthorhombic structure 
with space group Cmca (#64). There are three distinctive orientations (A, B, and C) for the Zr7Ni10 
phase as shown in Figure 7. The orientations A and B deviate by only approximately 5° and the 
crystallographic orientation alignment between A and C is (29 3 )Orientation A//(01 1 )Orientation C and 
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phases in Figure 5 in [29] are (011)Zr7Ni10B//(100)C15 and [100]Zr7Ni10B//[313]C15, and (001)Zr7Ni10C // (110)C15 
and [100]Zr7Ni10C//[0 1 1]C15. The grain growth direction projected on the plane is close to: 
[313]Zr7Ni10B//[111]C15. 

  

Figure 7. EBSD patterns at 10 different spots on a ZN06 alloy sample with three major crystallographic 
orientations (A, B, and C) and one minor crystallographic orientation with a small angle grain 
boundary (A’) present in Zr7Ni10 grains. 

Figure 6. (a) A typical EBSD pattern; and (b) a computer generated index from a
Zr7Ni10 phase.
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Figure 7. EBSD patterns at 10 different spots on a ZN06 alloy sample with three
major crystallographic orientations (A, B, and C) and one minor crystallographic
orientation with a small angle grain boundary (A’) present in Zr7Ni10 grains.

From the crystallographic orientation alignments among Zr7Ni10 phases and
between the Zr7Ni10 and C15 phases, the following solidification sequence is thought
to occur during cooling. A Zr7Ni10 phase with the average composition in the liquid
is solidified congruently first, and then the Ni-rich C15 phase (average composition
of Ti17Zr20Ni63 [29]) is formed at the grain boundary as a solid reaction, resulting
in the Zr7Ni10 phase being pushed to be hypo-stoichiometric (average composition
of Ti15Zr28Ni57 [29]). This is different from the C14-C15-B2 solidification sequence
found in the Ti-Zr-Ni alloy, which is closer to B/A ~ 2.0 [24].

3.2. Laves Phase Based AB2 Alloy

A Laves phase based AB2 alloy with the composition Ti12Zr21.5V10Ni36.2Cr4.5

Mn13.6Sn0.3Co2.0Al0.4 from a previous study (Alloy #2 in [32]) was chosen for the
EBSD study. The B/A in this alloy is 1.99. The XRD pattern of this alloy (shown
in Figure 1b in [32]) shows it is C14-dominant. SEM-BSE images of the same
alloy at different magnifications, shown in Figure 8, also reveal the same dendritic
microstructure. Through careful and long-time mechanical polishing with 0.05 µm
silica colloidal, the sample surface is almost free of lattice distortion caused by
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deformations from mechanical polishing. In addition to the Z-contrast shown
in [32], ECC becomes available. This is because the BSE signals due to ECC are
from the top surface of the sample. The different contrasts shown in Figure 8 are
channeling contrasts representing the mis-orientation of different dendritic crystals.
Therefore, the additional contrast observed in Figure 8b is from the crystallographic
mis-orientation. In addition to the contrast from dendritic microstructures in
Figure 8b, a different type of area can be found, as indicated by the arrows (Figure 8b).
Figure 8c shows a magnified image of a similar area, where needle-like phases can
be seen. The average chemical compositions of these areas, as measured by EDS
are listed in Table 3. The composition of the grey and dark areas are very similar.
For example, the difference in Ni content is 1.9%, which is lower than the 4.5% in
Ni content between the phases identified in [32]. From the ratio of A site atoms
(Ti and Zr) and B site atoms (V, Cr, Mn, Co, and Ni), both the grey and dark areas
approach an AB2 stoichiometry, while the needle-like secondary phase is closer
to A7B9. There is no known intermetallic phase among the constituent elements
matching an A7B9 stoichiometry, and, therefore, it can be considered as a mixture
of a few possible intermetallic alloys. From a separate TEM study, it was found
that this needle-like secondary phase was first solidified into a B2 structure and
then decomposed into Zr7Ni10, Zr9Ni11, TiNi, and ZrNi phases through a solid-state
chemical reaction [25]. By statistical analysis, the abundance of this mixture area is
about 4.3% by volume fraction.

Batteries 2016, 2, 26 7 of 13 

From the crystallographic orientation alignments among Zr7Ni10 phases and between the Zr7Ni10 
and C15 phases, the following solidification sequence is thought to occur during cooling. A Zr7Ni10 
phase with the average composition in the liquid is solidified congruently first, and then the Ni-rich 
C15 phase (average composition of Ti17Zr20Ni63 [29]) is formed at the grain boundary as a solid 
reaction, resulting in the Zr7Ni10 phase being pushed to be hypo-stoichiometric (average composition 
of Ti15Zr28Ni57 [29]). This is different from the C14-C15-B2 solidification sequence found in the Ti-Zr-
Ni alloy, which is closer to B/A ~ 2.0 [24]. 

3.2. Laves Phase Based AB2 Alloy 

A Laves phase based AB2 alloy with the composition Ti12Zr21.5V10Ni36.2Cr4.5Mn13.6Sn0.3Co2.0Al0.4 
from a previous study (Alloy #2 in [32]) was chosen for the EBSD study. The B/A in this alloy is 1.99. 
The XRD pattern of this alloy (shown in Figure 1b in [32]) shows it is C14-dominant. SEM-BSE images 
of the same alloy at different magnifications, shown in Figure 8, also reveal the same dendritic 
microstructure. Through careful and long-time mechanical polishing with 0.05 μm silica colloidal, 
the sample surface is almost free of lattice distortion caused by deformations from mechanical 
polishing. In addition to the Z-contrast shown in [32], ECC becomes available. This is because the 
BSE signals due to ECC are from the top surface of the sample. The different contrasts shown in 
Figure 8 are channeling contrasts representing the mis-orientation of different dendritic crystals. 
Therefore, the additional contrast observed in Figure 8b is from the crystallographic mis-orientation. 
In addition to the contrast from dendritic microstructures in Figure 8b, a different type of area can be 
found, as indicated by the arrows (Figure 8b). Figure 8c shows a magnified image of a similar area, 
where needle-like phases can be seen. The average chemical compositions of these areas, as measured 
by EDS are listed in Table 3. The composition of the grey and dark areas are very similar. For example, 
the difference in Ni content is 1.9%, which is lower than the 4.5% in Ni content between the phases 
identified in [32]. From the ratio of A site atoms (Ti and Zr) and B site atoms (V, Cr, Mn, Co, and Ni), 
both the grey and dark areas approach an AB2 stoichiometry, while the needle-like secondary phase 
is closer to A7B9. There is no known intermetallic phase among the constituent elements matching an 
A7B9 stoichiometry, and, therefore, it can be considered as a mixture of a few possible intermetallic 
alloys. From a separate TEM study, it was found that this needle-like secondary phase was first 
solidified into a B2 structure and then decomposed into Zr7Ni10, Zr9Ni11, TiNi, and ZrNi phases 
through a solid-state chemical reaction [25]. By statistical analysis, the abundance of this mixture area 
is about 4.3% by volume fraction. 

 
(a) (b) (c) 

Figure 8. SEM-BSE micrographs from Alloy #2 at different magnifications. The scale bars represent: 
(a) 500 μm; (b) 100 μm; and (c) 10 μm. 

Table 3. Chemical compositions measured by EDS in different areas in Figure 8c (in at%). 

Region Ti Zr V Cr Mn Co Ni B/A Ratio 
Grey 10.2 22.0 11.5 6.6 15.5 2.2 32.0 2.11 
Dark 11.1 21.8 10.7 5.6 14.6 2.2 34.1 2.03 

Second Phase 18.5 21.2 3.8 1.7 7.1 1.6 46.1 1.29 

A dendrite microstructure usually forms due to a high cooling rate for alloy solidification, 
during which the nucleated grains may extend from the interface between the solid and liquid, and 

Figure 8. SEM-BSE micrographs from Alloy #2 at different magnifications. The
scale bars represent: (a) 500 µm; (b) 100 µm; and (c) 10 µm.

Table 3. Chemical compositions measured by EDS in different areas in Figure 8c
(in at%).

Region Ti Zr V Cr Mn Co Ni B/A Ratio

Grey 10.2 22.0 11.5 6.6 15.5 2.2 32.0 2.11
Dark 11.1 21.8 10.7 5.6 14.6 2.2 34.1 2.03

Second Phase 18.5 21.2 3.8 1.7 7.1 1.6 46.1 1.29
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A dendrite microstructure usually forms due to a high cooling rate for alloy
solidification, during which the nucleated grains may extend from the interface
between the solid and liquid, and continue growing along the specific crystal
orientations and along the temperature gradient, until the remaining area is
solidified [33]. For this reason, the grains in the dendrite microstructure usually
are sub-grains with close orientations that are different from the orientations of the
matrix. This is the reason that the BSE images in Figure 8 show ECC between the
dendritic area and the matrix, which was confirmed by obtaining EBSD patterns
from different locations in the sample, as shown in Figure 9. The C14 phase has a
hexagonal crystal structure and belongs to the P63/mmc space group [34], while the
C15 phase has an fcc crystal structure and belongs to the Fd3m space group [35].
They are both AB2 type Laves phases, which are very common in intermetallic
alloys. The C14/C15 ratio can be influenced by the A/B atomic radii ratio [36],
difference in electronegativity [37], electron concentration [38], stress [39,40], and
process conditions [41,42]. In Figure 9, it can also be seen that most of the area
is occupied by the C14 Laves phase, while only small isolated areas contain the
C15 Laves phase. Locations 1, 2, and 3 in Figure 9 were indexed as C14 Laves
phase, having different crystallographic orientations, while Locations 4, 5, and 6
were assigned to the C15 Laves phase. It is interesting to discover that Locations
1, 2, and 3, all having the C14 structure with very similar chemical compositions
but different orientations, gave such a large contrast in the BSE micrograph. The
EBSD patterns from Locations 2, 4, 5, and 6 aligned very well with each other.
The C15 and neighboring C14 phases are aligned, with the following relationships:
(111)C15//(0001)C14 and [110]C15//[1120]C14, which was reported before from TEM
study [22,40]. The contrasts in Locations 4, 5, and 6 are similar to each other, but differ
significantly from Location 2 (C14). Therefore, we conclude that both the structure
and orientation contribute to the contrast observed in the BSE micrographs.

Figure 10 shows another example of the microstructure at the interface between
the C14 and C15 phases. In the middle of the micrograph is the needle-like secondary
phase that has an average composition of A7B9. Locations 1 and 2 were indexed as
C14 Laves phase with different crystallographic orientations. Locations 3, 4, and 5
were indexed as C15 Laves phase. The EBSD from Location 3 (C15) overlaps with that
from Location 2 (C14), with the same relationships seen in Figure 8. The EBSD from
Location 4 matches with that from Location 5 with the needle structure in between.
This suggests that, during solidification, the C14 phase solidifies first, the C15 crystals
grow secondarily, and the needle-like structure grows last inside the C15 phase as a
peritectic phase. Comparing the EBSD patterns from Locations 2 and 4, we obtained
the following relationships: (101)loc.2//(101)loc.4 and [121]loc.2//[121]loc.4. This is the
micro-twinning of a cubic C15 structure, which is well-known in the field [43,44].
Some models have been proposed to explain the cause of the micro-twinning, which

457



include stacking faults [20,45], dislocation movement [46], and phase growth [18].
This further proves that, at one stage of solidification, Locations 3 and 4 are connected
but with micro-twinning in between.
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Figure 9. An example of EBSD point analysis on possible phases in the as-prepared
Alloy #2. Points 1, 2, and 3 were indexed as C14 Laves phase, while Points 4, 5, and
6 were indexed as C15 Laves phase.

A compromise was made between high probe current mode and high resolution
mode in the SEM experiments. In order to obtain high quality EBSD patterns, the
SEM was adjusted to a high probe current mode, sacrificing resolution of the image,
and thus the image shown in Figure 10 is not very clear. However, compared
with Figure 11, it is apparent that the C15 Laves phase usually exists near the
needle-like areas.
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Figure 11. (a) A BSE image; and (b) a schematic showing the phases in different
shades for a typical cross-section of Alloy #2. It was the alignment of the orientation
for the fine needle structures observed in the SEM micrograph that initiated this
series of microstructure studies.

From the binary alloy phase diagrams of Ti-Cr and Zr-Cr, it can be demonstrated
that the C14 phase formed at a higher temperature and later transformed into a C15
structure under a slow cooling condition [47]. Therefore, the solidification path
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during cooling is when the C14 phase forms the dendrite structure with the same
crystallographic orientation, and later a second C14 phase with a similar chemical
composition forms the majority of the matrix. Finally, a needle-like secondary phase
is formed with most of the vanadium and chromium segregated into the outside
C15 layer and the A7B9 mixture forming the needles inside. Therefore, the cooling
sequence of C14-C15-B2 in the AB2 MH alloy proposed by Boettinger et al. [24] is
verified. Similar microstructures observed by SEM in other AB2 multi-phase MH
alloys are reported before [48,49].

The secondary phases are very important to the electrochemical performance of
the multi-phase MH alloys. Eliminating (reducing) secondary phases through annealing
results in severe degradations in capacity and high-rate dischargeability [9,12,50–54].
The secondary phases benefit the electrochemical reaction through the synergetic
effects which require a clean, non-interrupted, and coherent interface adjacent
to the main phase [14]. The highly aligned crystallographic orientations from
various phases found in this study provide a strong support for the synergetic effect.
Similar study with the same conclusion by EBSD and TEM has been performed on
another multi-phase MH alloy family with a Laves phase related bcc structure [30].

4. Conclusions

EBSD techniques have been successfully employed to identify the structure and
crystallographic orientation dependence of the phases from two Ti-Zr-Ni based MH
alloys. This information contributed to the investigation of the cooling sequence
of various phases. While the Zr7Ni10-based alloy (B/A = 1.43) was found to form a
laminar-type solid, followed by solid-state phase segregation of Ni into the grain
boundary and formation of the C15 secondary phase, the phase formation sequence
is C14-C15-B2 in the AB2-based alloy (B/A = 1.99). The alignment observed in
the crystallographic orientation strongly indicates the presence of a clean and
coherent interface for the synergetic effects to occur in both the gaseous phase and
electrochemical hydrogen storage.
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Abbreviations

MH Metal hydride
bcc body-centered-cubic
fcc face-centered-cubic
PCT Pressure-concentration-temperature
SEM Scanning electron microscopy
TEM Transmission electron microscopy
EBSD Electron backscatter diffraction
OIM Orientation imaging microscopy
EDS X-ray energy dispersive spectroscopy
XRD X-ray diffraction
BSE Backscattered electron
ECC Electron channeling contrast
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Clean Grain Boundary Found in
C14/Body-Center-Cubic Multi-Phase
Metal Hydride Alloys
Hao-Ting Shen, Kwo-Hsiung Young, Tiejun Meng and Leonid A. Bendersky

Abstract: The grain boundaries of three Laves phase-related body-center-cubic (bcc)
solid-solution, metal hydride (MH) alloys with different phase abundances were
closely examined by scanning electron microscopy (SEM), transmission electron
microscopy (TEM), and more importantly, electron backscatter diffraction (EBSD)
techniques. By using EBSD, we were able to identify the alignment of the
crystallographic orientations of the three major phases in the alloys (C14, bcc, and
B2 structures). This finding confirms the presence of crystallographically sharp
interfaces between neighboring phases, which is a basic assumption for synergetic
effects in a multi-phase MH system.

Reprinted from Batteries. Cite as: Shen, H.-T.; Young, K.-H.; Meng, T.; Bendersky,
L.A. Clean Grain Boundary Found in C14/Body-Center-Cubic Multi-Phase Metal
Hydride Alloys. Batteries 2016, 2, 22.

1. Introduction

Metal hydride (MH) alloys are often used as the negative electrode active
material in nickel/metal hydride (Ni/MH) batteries, which are currently dominating
the hybrid electric vehicle application. To compete with Li-ion batteries in
the battery-powered electric vehicles, the gravimetric energy density of Ni/MH
batteries needs to be enhanced. Through an Advanced Research Projects
Agency-Energy sponsored robust affordable next generation electric vehicles
(RANGE) storage-BASF program, the capacities of both the positive and negative
electrode active materials were improved [1]. The former was accomplished by using
core-shell-structured β-/α-Ni(OH)2, and the latter was developed from a Laves
phase–related body-center-cubic (bcc) solid-solution alloy that demonstrated a 30%
increase in storage capacity over conventional misch-metal-based AB5 MH alloys.
This group of materials is mainly composed of two interlaced three-dimensional
frameworks consisting of both Laves and bcc phases (Figure 4 in [2]). The bcc
phase can store a large amount of hydrogen [3,4], while the Laves phase acts as
both a catalytic agent for electrochemical reactions [5,6] and a hydride activation
facilitator due to its brittleness [7–9]. In these alloys, at some compositions and
annealing conditions, TiNi-, Ti2Ni-, and VNi-based secondary phases can also be
observed [10]. The bcc phase, which has a higher V content, also has a higher
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melting temperature and solidifies before the Laves phase (C14, for example)
does. According to previous transmission electron microscopy (TEM) studies on
C14-predominant MH alloys, the C14 phase solidified before the C15 phase, and the
Ti(Zr)-Ni phase was the last to precipitate and it underwent a series of solid-state
phase transformations [11–13]. Combining the high-capacity bcc storage phase with
catalytic phases (C14, TiNi, Ti2Ni, and/or VNi), the electrochemical performance
of the multi-phase MH alloys can be dramatically improved through synergetic
effects-beneficial effects observed in the presence of micro-segregated secondary
phases that occurred in the multi-phase MH alloys [14,15]. The bcc storage phase
has limited hydrogen absorption/desorption kinetics, though its capacity is high.
When it comes in contact with the catalytic phases, hydrogen can move in and out
of the bcc phase more freely through the catalytic phases functioning as a funnel.
In this way, both the hydrogen storage capacity and the absorption/desorption
kinetics can be maximized. For the synergetic effects to occur, it is critical to have
a clean interface between the bcc storage phase and the catalytic phase, where the
electron and proton transfers are not hindered and a strong bonding is maintained to
allow plastic deformation during hydride formation from one side with the lower
equilibrium pressure [16,17]. Although the microstructure in each phase has been
previously well studied, there has been no definitive study on the microstructure at
the interface/grain boundary in these multi-phase MH alloys. Therefore, we present
a structural study of such interfaces using scanning electron microscopy (SEM), TEM,
and electron backscatter diffraction (EBSD) techniques.

In this work, we focus on the interface of a relatively simple multi-phase
alloy system which comprises mainly bcc and C14 phases. Alloys P1, P3 and
P7 were selected from a group of Laves phase–related bcc solid-solution alloys
with varying bcc/C14 contents [2] for the interface microstructure study. The x
values in Equation (1) are 0.7, 1.3 and 2.4 for Alloys P1, P3 and P7, respectively.
The compositions in at% and the inductively coupled plasma (ICP) results are
summarized in Table 1.

Ti0.4+x/6Zr0.6´x/6Mn0.44Ni1.0Al0.02Co0.09pVCr0.3Fe0.063qx (1)

With increasing x values, the bcc phase abundance increases in the following
manner according to the X-ray diffraction (XRD) analysis: 8.4 wt% (P1), 27.9 wt% (P3),
to 54.2 wt% (P7) [2]. In the pressure-concentration-temperature (PCT) measurement
after a 2 h thermal cycle between 300 ˝C and room temperature at 2.5 MPa H2

pressure, the maximum hydrogen storage capacities in Alloys P1, P3 and P7
increase from 0.61 wt%, 1.00 wt% to 1.12 wt% (Figure 1) [2]. Due to the high
plateau pressures, the electrochemical discharge capacities measured in the open-air
half-cell configuration at the second cycle are only 162.0 (P1), 160.7 (P3), and
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170.0 (P7) mAh¨g´1 [2]. Further cycling did not improve the discharge capacities
significantly. Details of the electrochemical properties of the alloys can be found in [2].
Refinements in composition, fabrication, and activation methods, achieved through a
series of studies conducted at BASF-Ovonic [10,18–21], increased the capacity of this
family of alloys to 414 mAh¨g´1 (P37) [1]. However, Alloy P37 is more disordered
in phase structure and there are more catalytic phases (C14, TiNi, Ti2Ni) involved.
PCT curves in Figure 1 show that Alloy P7 exhibits absorption/desorption plateaus
like P37 that are not observed in P1 and P3. Thus, comparison of the interfacial
micro-structure of the relatively simple bcc/C14 alloys is of great significance in
helping us understand part of the performance improvement of the more disordered
P37 and shed light on the design of the MH alloy with better performance.

Table 1. Design composition and inductively coupled plasma (ICP) results for
Alloys P1, P3 and P7 in at%.

Alloy Ti Zr V Cr Mn Fe Co Ni Al

P1 (design) 14.7 13.8 20.0 6.0 12.6 1.2 2.6 28.5 0.6
P1 (ICP) 15.1 13.9 20.2 3.8 12.8 1.3 2.7 29.5 0.7

P3 (design) 14.3 8.9 30.1 9.0 10.2 1.9 2.1 23.1 0.5
P3 (ICP) 14.7 8.8 31.0 7.5 9.8 1.9 2.1 23.7 0.5

P7 (design) 13.7 3.1 42.0 12.6 7.4 2.6 1.5 16.8 0.3
P7 (ICP) 14.2 3.0 41.3 12.1 7.0 2.7 1.6 17.6 0.5

P37 (design) 14.5 1.7 46.6 11.9 6.5 - 1.5 16.9 0.4
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EBSD, also known as backscatter Kikuchi diffraction (BKD) and orientation
imaging microscopy (OIM), is a microstructural crystallographic technique that
reveals the crystal orientation of the constituent phases in a polycrystal structure
using SEM. With an incident electron beam on a point of the sample, an EBSD
pattern is collected and the crystal orientation can be obtained from the Kikuchi band
positions. Based on the stereographic projections (Figure 2), a simulated pattern
is generated and overlaid on the original diffraction pattern to verify if the grain
orientation and crystal structure are the best matches. For example, three EBSD
patterns collected from various grains in Alloy P3, as shown in Figure 3, are in good
agreement with the simulated patterns and have been identified to originate from
the same bcc structure but with different orientations. Together with X-ray energy
dispersive spectroscopy (EDS), EBSD can provide insight into the microstructure of
grains with mixed compositions and orientations [22]. In the research field of MH
alloys, the combination of these techniques has been used to study Zr7Ni10-based [23]
and C14-based MH alloys [13]. In this paper, we present results achieved by using
EBSD to determine the crystallographic orientation relationship among bcc, C14,
and B2 phases in Laves phase–related bcc solid solution alloys. Judging from the
alignment of orientations observed among various phases, the cleanliness (being free
from amorphous, highly defective, and other disruptive regions) of the interface is
verified to provide the synergetic effect in the electrochemical environment.
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Figure 3. (a–c) Electron backscatter diffraction (EBSD) patterns at three different
locations of Alloy P3 overlaid with simulated patterns (green lines). All three
points are identified to have the same body-center-cubic (bcc) phase structures but
different crystal orientations.

2. Experimental Setup

Arc melting under argon flow with tungsten electrode and water cooling was
performed to prepare the ingot samples. Before each run, several heating-cooling
cycles were performed with sacrificial titanium in the chamber to reduce the residual
oxygen concentration. Next, 12 g ingots were re-melted and turned over several
times to ensure uniformity with regard to chemical composition. The chemical
composition of the ingot was analyzed using a Varian Liberty 100 ICP optical
emission spectrometer (ICP-OES, Agilent Technologies, Santa Clara, CA, USA). The
gaseous phase PCT analysis was performed with a Suzuki-Shokan Multi-Channel
PCT (Tokyo, Japan) system. A JEOL JSM7100 field emission SEM with EDS capability
(Tokyo, Japan) was used to study the microstructure of the samples. EDS mapping
from the surfaces of polished samples was used to collect compositional distribution
information. An FEI Titan 80–300 (scanning) transmission electron microscope
(TEM/STEM, Hillsboro, OR, USA) was employed to study the microstructure of the
alloy samples. For TEM sample preparation, mechanical polishing was used to thin
samples and followed by ion milling.

3. Results and Discussion

3.1. Scanning Electron Microscopy and Energy Dispersive Spectroscopy Results

First, the microstructures and phase profiles of Alloys P1, P3 and P7 were
identified using SEM and EDS mapping. The alloy samples are from the arc-melted
alloy ingots and did not undergo any annealing process. The backscattered electron
(BSE) image of Alloy P1 shows only one predominant phase (Figure 4a), and the EDS
mapping shows that the elemental distribution is uniform in most regions, except
occasional V and Zr inclusions (Figure 4b). In accordance with the ICP, EDS, and
XRD results, this major phase is believed to be a hexagonal C14 (one of the AB2 Laves
phases) [2]. In Alloy P3, the V content increases to approximately 30 at% and the
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dark regions of Phase I are present in a significant amount and form a fishbone-like
network, as shown in Figure 4c. The EDS results (Table 2 and Figure 4d) reveal that
this fishbone-like phase is V-rich. The composition of the light regions (Phase II)
in Alloy P3 is, on average, close to that of the C14 phase in Alloy P1, although the
Ti and Ni contents slightly increase and the Zr and Mn contents slightly decrease,
which can be attributed to the phase equilibrium for the V-rich phase (Phase I) in
this multi-component alloy. The SEM image in a 100 ˆ 100 µm2 area also shows
oriented alignments in the fishbone-like network in Alloy P3. The size of the regions
where the frames are aligned is typically 50–100 µm. For Alloy P7, with the V content
reaching 40 at%, the V-rich bcc phase volume fraction expands and, thus, the bcc
becomes the major phase, as shown in Figure 4e. As revealed by the EDS mapping
shown in Figure 4f, three phases with different elemental compositions are present
in Alloy P7. The results of quantitative EDS analysis are listed in Table 2. Compared
to Alloy P3, we notice that the compositions of Phase I and Phase II in Alloy P7 are
similar to Phase I (green in Figure 4f) and Phase II (between green and red region in
Figure 4f) in Alloy P2, which are expected to be bcc and C14 structures, respectively,
based on their compositions. Phase III (red in Figure 4f) in Alloy P7 mainly consists
of Ni and Ti (Figure 4b and Table 2), a composition commonly seen in the secondary
phase of C14-predominating alloys [24,25] exhibiting a B2 crystal structure. This B2
phase is the precursor for the solid phase transformations to Zr7Ni10, Zr9Ni11, ZrNi,
and TiNi in the C14-predominated MH alloys [11].

Table 2. EDS results (in at%) from Alloys P3 and P7 showing phase segregation.

Phase Structure Ti Zr V Cr Mn Ni

P3 Phase I bcc 4 <1 58 16 11 4
P3 Phase II C14 19 12 19 4 10 31
P7 Phase I bcc 6 <1 60 19 8 6
P7 Phase II C14 22 8 20 5 6 32
P7 Phase III B2 37 3 8 <1 3 43
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Figure 4. (a,c,e) Scanning electron microscopy (SEM) backscattered electron (BSE)
images and (b,d,f) energy dispersive spectroscopy (EDS) mapping of Alloys (a,b)
P1, (c,d) P3, and (e,f) P7, respectively. Phases I–III for P3 and P7 are shown in
Table 2.

3.2. Electron Backscatter Diffraction Results

To verify the presence of different crystal structures, EBSD was performed at
multiple spots in Alloy P3 (indicated by various symbols in Figure 5a). For the
dark regions (Phase I), the analysis shows that the EBSD patterns are the same
within each zone (Figure 3a–c corresponding to EBSD patterns from Zones A–C) and
the patterns from different zones belong to the same structure and are oriented in
different directions. Thus, this alignment of EBSD patterns within the same zone
suggests that the dark grains belong to branches of the same dendritic tree that
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formed the primary phase during solidification. The observed lattice distortion can
be explained by non-uniform stress. Analysis of the EBSD patterns from the regions
shown in Figure 5a demonstrated that the dark region (Phase I) is consistent with
the simulated EBSD of a bcc phase with a lattice constant of approximately 3 Å.
Meanwhile, the light regions (Phase II) surrounding the bcc dendrites are believed to
solidify later and originate from a liquid of modified composition after the network
of bcc dendrites is established. The numerous diffraction patterns obtained by EBSD
from these light regions (see Figure 5a and representative EBSD pattern in Figure 5e)
show that the crystal structure is consistent with a C14 phase with lattice constants
a = 4.9 Å and c = 8 Å. The EBSD data also reveals that, in certain regions (typically
on the order of 100 µm), the Phase II structure has the same apparent orientation,
similar to the Phase I structure.
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3.3. Transmission Electron Microscopy Results 
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requires the SEM system to be in the secondary electron imaging mode, during which the contrast 
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space resolution of EBSD (a few microns), and causes difficulty in determining the point of interest. 
Thus, TEM was employed as an additional method for studying the crystal structures. Samples of 
Alloy P7 for the TEM study were prepared by mechanical polishing and followed by ion milling. 
Before loading the thinned samples for TEM study, compositional mapping, which serves as a guide 
map during TEM observation, was obtained from the sample using SEM/EDS, as shown in Figure 6a. 
While Phase I (bcc) is mainly composed of V, Cr, and Mn, Phase III (B2) is predominately Ti and Ni. 

 
Figure 6. (a) SEM image for TEM touring and (b) low-magnification bright field TEM image from 
Alloy P7, with the phases labeled. Phases I–III are bcc, C14, and B2, respectively. 

Figure 5. (a) The dark region, denoted as Phase I in the text, can be divided to
Zones A–C (indicated by the red letters) based on the EBSD diffraction patterns.
The light region, Phase II in the text, can be divided into four grains labeled by
circles, triangles, rectangles, and pentagons (the numbers here are spot numbers
in the measurement). Comparison between EBSD from (b) A and (c) C zones
of the bcc phase indicates the following crystallographic orientation alignment:
(110)A//(110)C and <311>A//<111>C. Comparison between EBSDs from (d) Zone
A of the bcc phase and (e) the circle grain of the C14 phase indicates the following
crystallographic orientation alignment: (211)A//(100)o and <153>A//<100>o. The
circles in (b–e) highlight the aligned orientations.
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It is also worth noting that the crystal orientation of neighboring grains is related.
For example, for the EBSD pattern from Alloy P3 (Figure 5a), the (110) bcc crystal
plane in bcc Zone A is aligned with the (011) bcc plane in bcc Zone C, as demonstrated
in Figure 5b,c. Such an orientation relationship is not only found between Phase I
grains that share the same structure, but also between Phases I and II grains with
very different crystal structures (bcc and C14). As shown in Figure 5d,e, the (211) bcc
plane in bcc Zone A is found to be aligned with the (100) C14 plane in the C14 phase
with a circled EBSD pattern (Figure 5a).

3.3. Transmission Electron Microscopy Results

It is challenging to analyze the crystal orientation of the grains and their
relationships in Alloy P7 using only EBSD for the following reasons: (1) operation
in the EBSD characterization mode requires the SEM system to be in the secondary
electron imaging mode, during which the contrast between Phases II and III is weak;
(2) the size of the Phase III grains approaches the rather limited space resolution
of EBSD (a few microns), and causes difficulty in determining the point of interest.
Thus, TEM was employed as an additional method for studying the crystal structures.
Samples of Alloy P7 for the TEM study were prepared by mechanical polishing
and followed by ion milling. Before loading the thinned samples for TEM study,
compositional mapping, which serves as a guide map during TEM observation, was
obtained from the sample using SEM/EDS, as shown in Figure 6a. While Phase I
(bcc) is mainly composed of V, Cr, and Mn, Phase III (B2) is predominately Ti and Ni.
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On the bright field image at lower magnification (Figure 6b), the dendritic phase
(Phase I) can be recognized by the presence of interfaces with positive curvature.
Accordingly, the dendritic phase is marked as “I” in Figure 6b, and a bcc phase
with a lattice constant of about 3 Å is identified, according to selected area electron
diffraction (SAED). Bright field images at higher magnification and SAED patterns
from different phases (according to the compositional map) are shown in Figure 7.
The interdendritic region with a small volume fraction was targeted to locate the
interfaces that separate two (or more) phases. The two phases can be distinguished
by the nature of the bright field contrasts. The phase marked as II shows dense
diffraction bend contours. The contours presumably result from the TEM film
bending to release internal stress during sample thinning. Such behavior is typical
for large unit cell intermetallic phases with high elastic modules and no plastic
accommodations. The phase marked as III shows a more uniform contrast, which
also demonstrates the presence of fine precipitates. Although Phases I and III seem
to have similar bcc structures with different compositions, tilting of the TEM samples
proved that Phase III had a B2 (ordered bcc) structure. Figure 8 shows SAED taken
from Phase III in two orientations, one with a [111] bcc zone axis and another obtained
by tilting around the (110)* to [110] bcc zone axis, which clearly reveals (100) order
reflections, and thus the B2 structural ordering is confirmed. Dark field imaging
with the (100) reflection did not show antiphase boundaries, which suggests that
the phase directly crystallized as B2. The B2 structure is also consistent with the
composition, which consists mainly of Ti and Ni in an atomic ratio of approximately
1:1 (Table 3) [26]. The fine coherent precipitates observed in the phase (and not
contributing additionally to the B2 reflections) suggest that the B2 Ñ B2’ + bcc
transformation, which occurs during cooling, forms into a two-phase field to adjust
the composition of the B2 phase at lower temperatures. SAED patterns were also
obtained from the Phase II intermetallic phase. The SAED pattern in Figure 9a is
indexed and it belongs to the C14 structure in the [100] zone axis with lattice constants
a = 5 Å and c = 8 Å. However, in Figure 9b, the pattern shows a face-centered cubic
(fcc) structure in the [110] zone axis, which is neither a hexagonal C14 (a = 4.9Å,
c = 7.98Å for suggested C14 of Alloy P7) nor a fcc C15 (e.g., a = 7.45Å for ZrV2). This
pattern indicates the presence of another intermetallic phase in the interdendritic
region that can be indexed as an fcc with a « 11 Å in the [110] zone axis. According
to the EBSD and TEM observations, the fcc phase is minor compared to the C14
phase. A similar (or the same) fcc phase (Fd-3m, a = 11.319 Å) has been observed in a
number of V-Ti-Ni alloys [27].
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between the sum of at% from other elements vs. Ti and Zr (bcc and C14) and Ti, Zr,
and V (B2).

Area Ti Zr V Cr Mn Fe Co Ni Al B/A Phase
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Figure 9. SAED patterns from Phase II of Alloy P7 that fit (a) a C14 structure in
the [100] zone axis and (b) a face-centered cubic (fcc) structure with a « 11 Å in
the [110] zone.

Based on the SAED patterns, Phase I (bcc) and Phase III (B2) were very close in
orientation. Such alignments were present in more than one region, demonstrating a
clear relationship in the crystal orientations between Phase I and Phase III. Based on
the morphology of phases in Alloy P7, formation of the phases can be understood.
Initially there is the dendritic growth of Phase I (bcc) and at the end of this growth,
Phase I is surrounded with a liquid of modified composition. The composition of the
liquid allows both Phase II (C14) and Phase III (B2) (and occasionally the fcc phase)
to solidify from the liquid. In the case of the Phase III formation, it can be expected
that the phase will grow coherently into similar structures, though they are slightly
different in lattice parameters. However, if Phase II (C14) is formed first on Phase I
(bcc), with a certain orientation determined by their structural relationship, it is
expected that the formation of Phase III on Phase II will maintain the same structural
relationship and orientation as Phase I/Phase II. Thus, Phase I and III will have very
similar orientations. Further study is required to identify which mechanism or both
play a role. However, in either case, the boundaries between the contacting phases
are crystallographically clean and free of amorphous regions, which are easy to
target during the initial formation in alkaline electrolyte, due to preferential etching
in the grain boundary [28]. This type of clean interface can certainly facilitate the
transportation of protons in the bulk of the alloy, which can be inferred from the
relatively high diffusion coefficient (D) of Alloys P1–P8 (1.0–1.5 ˆ 10´10 cm2¨ s´1)
compared to a typical AB2 multi-phase MH alloy (<1 ˆ 10´10 cm2¨ s´1) [29]. The
D value can be further increased to 2.13 ˆ 10´10 cm2¨ s´1 with an annealing at
900 ˝C for 5 h [10]. As elaborated in a recent paper devoted to the discussion of
the synergetic effect in electrochemistry [17], a clean interface is necessary not only
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to transport protons freely, but also to have excellent electron conductivity. At the
end of discharge, there is still some MH phase left on the side with a larger work
function (M1 in Figure 14b in [17]), which will act as a nucleation center for the next
hydrogenation process. With an elastically connected grain boundary, the stress from
MH on the M1 side will enlarge the lattice constant of the M2 side (hydrogenated) and
pave the road to the hydrogenation of the M2 phase (M1 in Figure 14b in [17]). In this
case, M2 can be hydrogenated before the end of hydrogenation in M1 (Figure 14b
in [17]). This elastic binding between M1 and M2 at the interface is a prerequisite for
such synergetic effects, more specifically to lower the “equivalent” plateau pressure
as in the case of Zr2Ni7 [30] and ZrNi4.5 [31] multi-phase MH systems.

4. Conclusions

The microstructure of a group of Laves phase–related bcc solid-solution MH
alloys with varying bcc/C14 content was studied using SEM/EBSD and TEM/SAED
techniques. With the increase of V content in the alloy, the MH alloys develop
from a C14-predominated phase for P1 to a bcc/C14 and bcc/C14/B2 multi-phase
structure for P3 and P7, respectively. For the multi-phase P3 and P7, a high degree
of alignment was found among the bcc grains, between bcc and C14, and bcc and
B2 (P7), which suggests a very clean interface at the grain boundaries. These clean
interfaces can facilitate the transport of protons between the bcc main storage phase
and the catalytic phases (C14, B2) and ensure good electron conductivity, which
supports the proposed synergetic effects found in the electrochemical testing of
multi-phase MH alloys. Based on the works of P1–P7, a more complicated alloy, P37,
with a higher V content, no Fe and additional Ti2Ni catalytic phase shows further
improvement in the electrochemical performance.
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bcc Body-centered-cubic
EBSD Electron backscattering diffraction
MH Metal hydride
Ni/MH Nickel/metal hydride
RANGE Robust affordable next generation electric vehicles
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TEM Transmission electron microscopy
SEM Scanning electron microscopy
ICP Inductively coupled plasma
PCT Pressure-concentration-temperature
BKD Backscatter Kikuchi diffraction
OIM Orientation imaging microscopy
EDS Energy dispersive spectroscopy
OES Optical emission spectrometer
BSE Backscattering electron
XRD X-ray diffraction
SAED Selected area electron diffraction
fcc Face-centered cubic
D Diffusion constant
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Electrochemical Open-Circuit Voltage and
Pressure-Concentration-Temperature
Isotherm Comparison for Metal
Hydride Alloys
Negar Mosavati, Kwo-Hsiung Young, Tiejun Meng and K. Y. Simon Ng

Abstract: In this study we compared the electrochemical pressure-concentration-
temperature (EPCT) method with the gaseous phase pressure-concentration-
temperature (PCT) method and demonstrated the differences between the two.
Experimentally, this was done by electrochemically charging/discharging the
electrodes of four different metal hydride (MH) alloys. The results indicate that
in the PCT curve is flatter with a smaller hysteresis and a higher storage capacity
compared to the EPCT curve. Moreover, while the PCT curves (up to around one
third of the hydrogen storage capacity) reside in between the charge and discharge
EPCT curves, the rest of the PCT curves are below the EPCT curves. Finally, we
demonstrated a new calibration method based on the inflection points observed in
the EPCT isotherms of a physical mixture of more than one alloy. This turning point
can be used to find a preset calibration point to determine the state-of-charge.

Reprinted from Batteries. Cite as: Mosavati, N.; Young, K.-H.; Meng, T.; Ng, K.Y.S.
Electrochemical Open-Circuit Voltage and Pressure-Concentration-Temperature
Isotherm Comparison for Metal Hydride Alloys. Batteries 2016, 2, 6.

1. Introduction

Nickel/metal hydride (Ni/MH) batteries are an important energy storage
medium for portable electronic devices, electric vehicles, and alternative energy.
The active material used in the negative electrode (anode) of these batteries is a
special kind of metal called hydrogen storage alloy (or metal hydride (MH) alloy)
that is capable of storing hydrogen at ambient temperatures [1]. MH alloy can
absorb hydrogen in two different environments: through an electrochemical charging
process in wet chemistry or gaseous absorption in a dry container (Figure 1). While
the former process requires splitting water molecules into protons and hydroxide
ions, the latter depends on the splitting of hydrogen molecules into hydrogen
atoms. Other differences between the electrochemical charging and gaseous phase
hydrogen storage can be found in Table 1. Since the electrochemical environment
is more complicated for hydrogen absorption compared to the gaseous phase,
the pressure-concentration-temperature (PCT) measurement is commonly used
to study the thermodynamics of gaseous phase hydrogen absorption of an MH
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alloy [1]. The information obtained from PCT, including hydrogen storage capacity,
metal-hydrogen bond strength (from the equilibrium pressure), hysteresis, and
heat of hydride formation, are all essential for the design of MH alloys used for
gaseous hydrogen storage and electrochemical applications. In wet chemistry, the
hydrogen storage performance may be heavily influenced by the surface oxide [2],
surface catalyst phase [3], proximity effect among phases [4], and activated grain
boundary [5], which are difficult to isolate. Therefore, it is interesting and important
to compare the electrochemical and gaseous phase hydrogen storages side by side
through comparing the stabilized open-circuit voltage (Voc) versus state of charge
(SOC) curves in the electrochemical PCT (EPCT) and gaseous phase PCT curves.
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Figure 1. Schematic of hydrogen absorption through (a) an electrochemical reaction
and (b) a gaseous phase chemical reaction.

Table 1. The main differences between electrochemical charging and gaseous phase
hydrogen storage.

Difference in Electrochemical Charging Gaseous Phase
Hydrogen Storage

Source of H Splitting H2O molecule at the
electrode/electrolyte interface H2 dissociation at the surface

Environment Alkaline oxidizing environment
(KOH electrolyte)

H2 gas, very susceptible to
oxygen poisoning

Kinetics Hydrogen storage/release at
room temperature

Hydrogen storage/release at
temperature range of 20–130 ◦C

Thermodynamics ∆H from −30 kJ·mol·H2
−1 to

−35 kJ·mol·H2
−1

∆H from −20 kJ·mol·H2
−1 to

−55 kJ·mol·H2
−1

Thermal conductivity Not crucial Very important

Electrical conductivity Very important Not crucial

Chemical reaction M + H2O + e− � MH + OH− H2 (g) � 2H

Surface requirement A thin and porous oxide allowing
electrolyte penetration

Free from oxide and
other contaminations

Common catalyst Metallic Ni embedded in surface oxide [6] Noble metals like Pd and Pt [7]
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The EPCT method is not a new idea and had been applied in a number of MH
alloy studies, including studies on AB5 [8–11], AB2-based multiphase alloys [12–14],
Ce-Mn-Al-Ni [15], Ce-Mg-Ni-Ti-F [16], carbon nanofiber [17], and Mg2Ni [18].
In EPCT, the stabilized Voc is converted to equilibrium pressure via the Nernst
Equation (1) [19]:

EMH,eq (vs. Hg/HgO) = −0.934− 0.029logP(H2) (1)

where EMH,eq is the equilibrium potential of hydrogen storage electrode versus the
Hg/HgO reference electrode and P(H2) is the equilibrium hydrogen gas pressure, and
the electrochemical capacity is converted to hydrogen storage capacity by using the
conversion of 268 mAh· g−1 = 1 wt%. It should be noted that for the Ni/MH half-cell
configuration used in this study, a partially pre-charged positive electrode was used
and has a constant potential of 0.36 V versus Hg/HgO [20], and therefore EMH,eq

(vs. Hg/HgO) ≈ Voc − 0.36 (V). Ideally, the stabilized Voc obtained experimentally
is close to the battery equilibrium potential.

The advantages of EPCT include simplicity, ease of operation, and ability to
cover a wider voltage (pressure) range since a decade of pressure change is equivalent
to a voltage difference of 29 mV at room temperature. It is also closer to the real
life environment that batteries experience. Although many studies using EPCT to
characterize MH alloys have been reported, a direct comparison between EPCT and
the gaseous phase PCT had never been made and is the focus of this paper.

2. Experimental Section

Induction melting with an MgAl2O4 crucible, an alumina tundish, and a
pancake-shaped steel mold in a 2-kg furnace under argon atmosphere were
performed to prepare the ingot samples. AB5 MH alloys were annealed at 960 ◦C
for 8 h under vacuum. Gaseous phase hydrogen storage was measured using a
Suzuki-Shokan multi-channel PCT system (Suzuki Shokan, Tokyo, Japan). Each ingot
piece (about 2 g) was first activated by a 2 h thermal cycle between room temperature
and 300 ◦C under 2.5 MPa H2 pressure followed by PCT measurements at 30, 60, and
90 ◦C. To fabricate the electrodes for electrochemical tests, the ingot was hydrided and
pulverized to −200 mesh powder and pressed onto an expanded Ni substrate without
any binder. For EPCT analysis, a flooded half-cell configuration was used with the
MH alloy as negative electrode, partially pre-charged and oversized Ni0.9Co0.1(OH)2

as counter electrode, and 30 wt% KOH as electrolyte. Before the EPCT measurements,
the electrode samples in half-cells were activated with 10 charge/discharge cycles at
25 mA· g−1 and room temperature using a CTE MCL2 Mini cell test system (Chen
Tech Electric MFG. Co., Ltd., New Taipei, Taiwan). Each half-cell was then cycled
with several charge/discharge steps, each is 15 min long, at a current density of
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25 mA· g−1 and with a 30 min rest between each step. The electrochemical Voc was
recorded at the end of the 30 min rest after each charge/discharge step.

3. Results and Discussion

EPCTs of four MH alloys are included in this study, and their compositions
and some gaseous phase properties are listed in Table 2. Fe1 is a C14-predominated
AB2 MH alloy developed in a previous Fe-addition study [21]. B37 and B65 are
misch metal-based AB5 MH alloys with very different equilibrium plateau pressures
(Figure 2). The last alloy, YC#1, is a transition metal-based AB5 MH alloy developed
in a study of a series of ZrVxNi4.5−x alloys showing a large discrepancy between
gaseous phase and electrochemical hydrogen storage capacities [22]. EPCTs of these
alloys will be reported in the following sections.
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Figure 2. PCT isotherms of alloys in this study. Fe1 is a Fe-containing AB2 metal
hydride (MH) alloy. B37 and B65 are misch metal-based AB5 MH alloys. YC#1
is a ZrNi5-based MH alloy. Open and filled symbols stand for absorption and
desorption isotherms, respectively.
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Table 2. Design composition and hydrogen storage properties (at 30 ◦C) of the
alloys in this study. PCT: pressure-concentration-temperature.

Alloy Family Composition (in at%)
Maximum
H-storage
Capacity

Desorption
Plateau

Pressure

PCT
Hysteresis

Fe1 AB2 Ti12Zr21.5V10Cr7.5Mn8.1Fe1.0Co7.0Ni32.2Sn0.3Al0.4 1.51 wt% 0.046 MPa 0.05

B37 AB5 La9.6Ce4.0Pr0.5Nd1.3Ni65.8Co4.6Mn4.2Al5.5Cu4.6 1.34 wt% 0.088 MPa 0.06

B65 AB5 La10.5Ce4.3Pr0.5Nd1.4Ni62.3Co5.0Mn4.6Al6.0Cu3.2Zr0.2Mo2.0 1.21 wt% 0.012 MPa 0.28

YC#1 AB5 Zr18.2Ni81.8 0.075 wt% >1 MPa 1.76

3.1. Electrochemical Pressure-Concentration-Temperature of AB2 Metal Hydride Alloy

Room EPCT without re-calibration from Fe1 is shown in Figure 3a. Due to
hydrogen gas evolution in the open-cell configuration, the starting point of the charge
curve does not match the ending point of the discharge curve. After performing a
self-discharge calibration, we found the capacity loss due to hydrogen gas evolution
is linear with regard to SOC (from 0% to 100%), and the capacity loss for Fe1 is about
(0.3 + 1.2 × SOC) mAh· g−1· h−1. The higher SOC of the electrode promotes increased
hydrogen gas escaping from the electrode surface. After this calibration, the EPCT
charge and discharge curves for Fe1 form a closed loop (Figure 3b). Compared to the
PCT isotherm in the same graph, four observations can be made:

(1) The EPCT curve is much more slanted than the PCT curve.
(2) The hysteresis of EPCT is much larger than that of PCT, which has been

demonstrated previously by Wójcik and his coworkers [13].
(3) The maximum capacity measured from EPCT is smaller than that from PCT,

which has also been previously shown by Wójcik and his coworkers [13].
(4) The PCT isotherm is closer to the EPCT charge curve when the hydrogen

storage content is small, but as the hydrogen storage content increases, it then
moves to the center between the EPCT charge and discharge curves and finally
flattens out.

The higher hysteresis (asymmetry) in EPCT compared to that in PCT
(Observation 2) is related to the difference in equilibrium state. In the gaseous phase
equilibrium state, hydrogen concentration in the alloy bulk is uniform. However,
in the electrochemical open-circuit condition, distribution of protons is uneven if
there is a voltage across the electrode. Therefore, Voc during the charge state (high
concentration of OH− in the pores of surface oxide layer) and discharge state (lower
concentration of OH− in the pores of surface oxide layer due to water recombination)
are different. In the open-circuit condition, the levels of hydrogen storage content
in various parts of the electrode are different depending on the distance to surface,
which results in a composite of hydrogen storage phases (components) with different
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metal-hydrogen bond strengths. This phenomenon increases the degree of disorder
and lowers the critical temperature to where the PCT plateau disappears [23,24] and
thus makes the EPCT curve more slanted (Observation 1).

As for the lower electrochemical capacity seen in EPCT compared to that in
PCT (Observation 3), it is a very common observation in MH alloys [25,26]. Surface
oxidation during the activation step in the electrochemical environment is one of
the causes. In addition, some inter-grain phases acting as catalysts in the gaseous
phase [27] can be etched away in the electrochemical environment [5]. In the open-cell
configuration, the electrode cannot be fully charged due to hydrogen evolution,
which can also contribute to the lower capacity measured by EPCT.

Batteries 2016, 2, 6 4 of 11 

3.1. Electrochemical Pressure-Concentration-Temperature of AB2 Metal Hydride Alloy 

Room EPCT without re-calibration from Fe1 is shown in Figure 3a. Due to hydrogen gas 
evolution in the open-cell configuration, the starting point of the charge curve does not match the 
ending point of the discharge curve. After performing a self-discharge calibration, we found the 
capacity loss due to hydrogen gas evolution is linear with regard to SOC (from 0% to 100%), and the 
capacity loss for Fe1 is about (0.3 + 1.2 × SOC) mAh·g−1·h−1. The higher SOC of the electrode promotes 
increased hydrogen gas escaping from the electrode surface. After this calibration, the EPCT charge 
and discharge curves for Fe1 form a closed loop (Figure 3b). Compared to the PCT isotherm in the 
same graph, four observations can be made: 

(1) The EPCT curve is much more slanted than the PCT curve. 
(2) The hysteresis of EPCT is much larger than that of PCT, which has been demonstrated 

previously by Wójcik and his coworkers [13]. 
(3) The maximum capacity measured from EPCT is smaller than that from PCT, which has also 

been previously shown by Wójcik and his coworkers [13]. 
(4) The PCT isotherm is closer to the EPCT charge curve when the hydrogen storage content is 

small, but as the hydrogen storage content increases, it then moves to the center between 
the EPCT charge and discharge curves and finally flattens out. 

 
(a) (b)

Figure 3. Room temperature electrochemical pressure-concentration-temperature (EPCTs) for Fe1: (a) 
before and (b) after taking self-discharge into consideration. 

The higher hysteresis (asymmetry) in EPCT compared to that in PCT (Observation 2) is related 
to the difference in equilibrium state. In the gaseous phase equilibrium state, hydrogen concentration 
in the alloy bulk is uniform. However, in the electrochemical open-circuit condition, distribution of 
protons is uneven if there is a voltage across the electrode. Therefore, Voc during the charge state (high 
concentration of OH− in the pores of surface oxide layer) and discharge state (lower concentration of 
OH− in the pores of surface oxide layer due to water recombination) are different. In the open-circuit 
condition, the levels of hydrogen storage content in various parts of the electrode are different 
depending on the distance to surface, which results in a composite of hydrogen storage phases 
(components) with different metal-hydrogen bond strengths. This phenomenon increases the degree 
of disorder and lowers the critical temperature to where the PCT plateau disappears [23,24] and thus 
makes the EPCT curve more slanted (Observation 1). 

As for the lower electrochemical capacity seen in EPCT compared to that in PCT (Observation 
3), it is a very common observation in MH alloys [25,26]. Surface oxidation during the activation step 
in the electrochemical environment is one of the causes. In addition, some inter-grain phases acting 
as catalysts in the gaseous phase [27] can be etched away in the electrochemical environment [5]. In 
the open-cell configuration, the electrode cannot be fully charged due to hydrogen evolution, which 
can also contribute to the lower capacity measured by EPCT. 

Observation 4 implies that the assumption of two-electron transfer with H2 in Equation (1) is 
only valid at lower SOCs. As the hydrogen storage content increases, the electrochemical reaction 

Figure 3. Room temperature electrochemical pressure-concentration-temperature
(EPCTs) for Fe1: (a) before and (b) after taking self-discharge into consideration.

Observation 4 implies that the assumption of two-electron transfer with H2 in
Equation (1) is only valid at lower SOCs. As the hydrogen storage content increases,
the electrochemical reaction becomes closer to the interaction with single H atoms,
which will raise the voltage as dictated by the Nernst equation with single electron
transfer Equation (2):

EMH,eq (vs. Hg/HgO) = −0.934− 0.059logP(H2) (2)

3.2. Electrochemical Pressure-Concentration-Temperatures of Two AB5 Metal
Hydride Alloys

Room EPCTs of two AB5 alloys with a large difference in plateau pressure, B37
and B65, were measured, and the charge and discharge curves after self-discharge
calibration are shown in Figure 4. All four observations made in the previous section
of the AB2 MH alloy are also present for the AB5 MH alloys. Therefore, these
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observations are likely to be universal for most MH alloys. Comparing these two
EPCTs, the alloy with a lower PCT plateau pressure (B65) has a higher electrochemical
capacity than the alloy with a higher PCT plateau pressure (B37), and hence the
proposed cause for lower EPCT capacity discussed in the last section (incomplete
charging due to hydrogen gas evolution) is validated.
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3.3. Electrochemical Pressure-Concentration-Temperatures of Mixtures of Two AB5 Metal
Hydride Alloys

PCTs of materials with two phases (components) were classified into three
categories: funneling mode, synergetic mode, and independent mode [4,28]. If two
MH alloys were physically mixed together without any alloying, the resulting PCT
isotherm will be a composite showing two individual plateaus (Figure 7c in [4]). It is
interesting to see whether the discontinuity in the PCT isotherm of two-part alloy is
present in the corresponding EPCT isotherm. If the discontinuity exists in the EPCT
isotherm, it will contribute tremendously to SOC determination, which relies heavily
on Voc and impedance (Z) in today’s battery management systems [29–35]. However,
Voc and Z depend not only on SOC but also on the state-of-health and environmental
temperature, making a precise calculation of SOC impossible.

Room temperature EPCTs of B37/B65 mixtures (10:90, 30:70 and 50:50 by weight)
are shown in Figure 5a–c, respectively. Discontinuities in slope can easily be found
in both the charge and discharge curves in Figure 5a,b. In the case of the 50:50
mixture, the derivative of Voc versus hydrogen storage content is plotted in Figure 5d
to show the locations of the inflection points (when the derivative reaches the local
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maximum). The existence of these inflection points confirms the possibility of using
Voc to find a preset calibration point for SOC determination.
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In studies of multiphase Zr-Ni-V MH alloys, we found that the electrochemical capacities of 
these alloys were unusually high compared to the gaseous phase hydrogen storage capacities [22,36], 
which had been attributed to the decrease in PCT plateau pressure through synergetic effects in the 
electrochemical environment [22,36]. We now compare EPCT and PCT of one of those alloys, YC#1, 
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assumption that the same correlation from AB2 (Figure 3b) and AB5 (Figure 4a,b) can be applied in 

Figure 5. Room temperature EPCTs for (a) 10% B37 + 90% B65; (b) 30% B37 +
70% B65; (c) 50% B37 + 50% B65 mixtures and (d) derivative of Figure 5c. Arrows
indicate positions of inflection points.

In order to investigate whether the existence of inflection points is sensitive to
the environment temperature, EPCT of the B37/B65 50:50 mixture was measured
at 10 ◦C. The resulting charge and discharge curves are shown in Figure 6a and
clearly show the inflection points at approximately 50% SOC. Moreover, Figure 6b
shows the derivative of Voc versus hydrogen storage content, which can be used to
better locate the inflection points.
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3.4. Electrochemical Pressure-Concentration-Temperature of ZrNi4.5 Metal Hydride Alloy

In studies of multiphase Zr-Ni-V MH alloys, we found that the electrochemical
capacities of these alloys were unusually high compared to the gaseous phase
hydrogen storage capacities [22,36], which had been attributed to the decrease in PCT
plateau pressure through synergetic effects in the electrochemical environment [22,36].
We now compare EPCT and PCT of one of those alloys, YC#1, in Figure 7. It is
obvious that the charge and discharge curves are below the PCT curves with the
assumption that the same correlation from AB2 (Figure 3b) and AB5 (Figure 4a,b) can
be applied in YC#1. Therefore, we confirm that our previous statement: lowering
the equilibrium pressure in the electrochemical environment is the main cause of
increased capacity.

Batteries 2016, 2, 6 7 of 11 

YC#1. Therefore, we confirm that our previous statement: lowering the equilibrium pressure in the 
electrochemical environment is the main cause of increased capacity. 

 
Figure 7. Room temperature EPCT for YC #1. 

3.5. Discussion 

The difference between PCT and EPCT results can be explained by the different natures of 
hydrogen storage processes in a single component hydrogen storage alloy (or metal) system. For 
hydrogen absorption in the gaseous phase, hydrogen gas molecules adsorb and split into two 
hydrogen atoms at the clean surface of metal (free from oxide), and then hydrogen atoms move into 
the bulk of alloy by diffusion. The protons occupy the interstitial sites among the host atoms while 
the accompanied electrons join the conduction band of host metal and increase the Fermi level of 
conduction electrons. In the electrochemical environment, the applied voltage forces electrons to flow 
into the negative electrode and also splits the water molecules at the electrode surface. While the 
protons enter the bulk of alloy driven by the electric field from the potential difference and are 
neutralized by the electrons from the current collector, the hydroxide ions are released into the 
electrolyte. Moreover, the equilibrium pressure in the gaseous phase is only dependent on the 
concentration of hydrogen in the metal, but what affects Voc in the electrochemical environment is far 
more complicated and involves the dipole from the electrolyte-solid interface, chemical products 
from the activation process, and potential between the bulk and altered surfaces with different 
chemical compositions from the bulk. The discharge processes for the gaseous phase and 
electrochemistry are also different. In the gaseous phase, the movement of protons is intrigued by 
diffusion, and equilibrium is reached when the same amount of hydrogen is leaving and entering the 
metal. However, it is more complicated in the electrochemical environment. During discharge, 
electrons move away from the hydrided alloy into the current collector, forcing the protons to move 
in the opposite direction and reach the electrode surface. Unless the surface recombination of either 
proton-hydroxide or proton-oxygen is very slow (not likely) and a large amount of protons 
accumulation presents at the electrode-electrolyte interface, the protons should continue to flow 
towards the interface in order to reach charge neutrality until a depletion of protons. 

Hystereses found in EPCT of the AB2 and AB5 MH alloys are much larger than the corresponding 
hysterese in PCT. While the hysteresis observed in PCT can be simplified as the energy barrier of 
elastic deformation at the α-β interface during hydrogenation [37], many other factors can influence 
the hysteresis in EPCT, such as the potential between the activated surface region and bulk, potential 
across the surface oxide region and oxide in the activated grain boundaries [38], remaining charge 
trapped within the defects and grain boundaries, residual protons trapped in the grain boundaries, 
and distribution of hydroxide ions in the surface pores and grain boundaries that are connected to 
the electrolyte by narrow channels. 

Hydrogen storage in a multiphase alloy system is by far more complicated due to the presence 
of synergetic effects. Synergetic effects in multiphase MH alloys refer to the beneficial effects 
provided by the presence of micro-segregated secondary phases occurred in the melted alloys [39], 

Figure 7. Room temperature EPCT for YC #1.

489



3.5. Discussion

The difference between PCT and EPCT results can be explained by the different
natures of hydrogen storage processes in a single component hydrogen storage alloy
(or metal) system. For hydrogen absorption in the gaseous phase, hydrogen gas
molecules adsorb and split into two hydrogen atoms at the clean surface of metal (free
from oxide), and then hydrogen atoms move into the bulk of alloy by diffusion. The
protons occupy the interstitial sites among the host atoms while the accompanied
electrons join the conduction band of host metal and increase the Fermi level of
conduction electrons. In the electrochemical environment, the applied voltage forces
electrons to flow into the negative electrode and also splits the water molecules at
the electrode surface. While the protons enter the bulk of alloy driven by the electric
field from the potential difference and are neutralized by the electrons from the
current collector, the hydroxide ions are released into the electrolyte. Moreover, the
equilibrium pressure in the gaseous phase is only dependent on the concentration
of hydrogen in the metal, but what affects Voc in the electrochemical environment
is far more complicated and involves the dipole from the electrolyte-solid interface,
chemical products from the activation process, and potential between the bulk and
altered surfaces with different chemical compositions from the bulk. The discharge
processes for the gaseous phase and electrochemistry are also different. In the gaseous
phase, the movement of protons is intrigued by diffusion, and equilibrium is reached
when the same amount of hydrogen is leaving and entering the metal. However, it is
more complicated in the electrochemical environment. During discharge, electrons
move away from the hydrided alloy into the current collector, forcing the protons to
move in the opposite direction and reach the electrode surface. Unless the surface
recombination of either proton-hydroxide or proton-oxygen is very slow (not likely)
and a large amount of protons accumulation presents at the electrode-electrolyte
interface, the protons should continue to flow towards the interface in order to reach
charge neutrality until a depletion of protons.

Hystereses found in EPCT of the AB2 and AB5 MH alloys are much larger than
the corresponding hysterese in PCT. While the hysteresis observed in PCT can be
simplified as the energy barrier of elastic deformation at the α-β interface during
hydrogenation [37], many other factors can influence the hysteresis in EPCT, such
as the potential between the activated surface region and bulk, potential across the
surface oxide region and oxide in the activated grain boundaries [38], remaining
charge trapped within the defects and grain boundaries, residual protons trapped
in the grain boundaries, and distribution of hydroxide ions in the surface pores and
grain boundaries that are connected to the electrolyte by narrow channels.

Hydrogen storage in a multiphase alloy system is by far more complicated due to
the presence of synergetic effects. Synergetic effects in multiphase MH alloys refer to
the beneficial effects provided by the presence of micro-segregated secondary phases
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occurred in the melted alloys [39], which were reviewed, explained, and compared
between gaseous phase and electrochemistry in one of our recent publications [40]
and can be summarized as follows: the contact potential at the boundary between
two neighboring phases with different work functions resulted from the increase in
the Fermi level of the side with a lower Fermi level by the addition of electrons into
the conduction band from the substituted hydrogen. This remaining hydrogen at the
very end of dehydrogenation will act as the nucleation center for the β-phase (MH).
It will also facilitate the hydrogenation process with a much reduced PCT hysteresis
as seen from Figure 2—two single component AB5 MH alloys (large hysteresis) and
one multiphase AB2 MH alloy (small hysteresis).

The above description, in general, works for both gaseous phase and
electrochemistry. However, the synergetic effects in electrochemistry are more
profound than those in the gaseous phase. With additional potential difference
present across the alloy, the grain boundary acts as a liaison between two phases
(changing from charged side to the uncharged side, resulting in two partially charged
sides). The sharp transition in gaseous phase equilibrium pressure will not be
seen in the electrochemical environment. In a separate article, a group of MH
alloys composed of BCC and non-BCC (TiNi, C14, and Ti2Ni) phases show two
distinctive pressure plateaus in PCT but no noticeable jump or change in the slope
of electrochemical charge/discharge curves even though x-ray diffraction analysis
indicates the transformation from the completion of hydrogenation of the non-BCC
phases (lower equilibrium pressure) to the start of hydrogenation of the BCC phase
(higher equilibrium pressure) [40]. In the current study, the equivalent equilibrium
pressure in the electrochemical environment of the phase with a higher plateau
pressure (ZrNi5) is lowered by the synergetic effects from the phase with a lower
plateau pressure (Zr2Ni7).

According to our experience, the comparison between PCT and EPCT
measurements is summarized in Table 3. Advantages of EPCT over PCT are its
lower cost, ease of operation, ability to cover a wider voltage (pressure) range, and
similarity to the real battery environment. The disadvantages of EPCT are that it
is difficult to perform phase identification (catalyst versus storage) and separate
the contributions from the surface and alloy bulk; it is also insensitive to several
important MH alloy characteristics (metal-hydrogen bond strength, homogeneity,
degree of disorder in both alloy and hydride, etc.).
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Table 3. The comparison between PCT and EPCT techniques.

Aspect PCT EPCT

Main application Gaseous phase hydrogen storage Electrochemistry

Set-up Valve, pressure gauge, vacuum
pump, and heater Basic electrochemical station

Equipment cost ~$20,000 USD per channel ~$1000 USD per channel

Sample size 0.5 g to 2 g 100 mg to 100 g

Sample shape Ingot −200 mesh powder

Pre-condition Fresh cleavage or acid etched Hot alkaline bath or
electrochemical cycling

Main safety concern
Hydrogen gas safety; powder
after PCT measurement can be

highly pyrophoric

Cycled electrode after drying can
be pyrophoric

Temperature range −20 ◦C to 200 ◦C −40 ◦C to 50 ◦C

Equivalent pressure range 0.0001 MPa to 10 MPa Wider than 1 Pa to 1000 MPa

Synergetic effects in
multiphase alloy

Determined mainly by the
difference in metal-hydrogen

bond strength

Determined by the difference
in work function

Properties obtained

Storage capacity, metal-hydrogen
bond strength, thermodynamic,
hydride/dehydride hysteresis,
and interaction among phases

Storage capacity up to 1 atm,
contribution from the

activated surface

Not suitable for

Alloys with very high or very low
plateau pressure, alloys with

poor surface catalytic abilities,
alloys in the fine particle form

Alloys with low corrosion
resistance in alkaline solution,

alloys with high plateau pressure
(>1 atm), alloys with very large

hardness or ductility

4. Conclusions

Electrochemical PCT isotherms were obtained for several MH alloys. The
results after self-discharge calibration show differences between gaseous phase
PCT and EPCT. EPCT isotherm measurements of the AB2 and AB5 MH alloys
prove that the PCT curves are much flatter than the curves for EPCT. PCT also
has a smaller hysteresis and higher capacity. Moreover, when the hydrogen storage
content is small, the PCT isotherm is closer to the EPCT charge curve. However,
as the hydrogen storage content increases, the PCT isotherm then moves to the
center between the EPCT charge and discharge curves and finally flattens out. In
addition, previous and current studies on the multiphase Zr-Ni-V MH alloy (YC#1)
demonstrate that the plateau pressure reduction in the electrochemical environment
due to synergetic effects is the main cause of the increase in electrochemical discharge
capacity compared to the gaseous phase measurements. Furthermore, it was found
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that the inflection points in the EPCT isotherm of a physical mixture of more than
one alloy can be used to find a preset calibration point for measurement of SOC.
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