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Abstract: Despite its scarcity in terrestrial life, helium effects on microstructure evolution and
thermo-mechanical properties can have a significant impact on the operation and lifetime of
applications, including: advanced structural steels in fast fission reactors, plasma facing and
structural materials in fusion devices, spallation neutron target designs, energetic alpha emissions
in actinides, helium precipitation in tritium-containing materials, and nuclear waste materials.
The small size of a helium atom combined with its near insolubility in almost every solid makes
the helium–solid interaction extremely complex over multiple length and time scales. This Special
Issue, “Radiation Damage in Materials—Helium Effects”, contains review articles and full-length
papers on new irradiation material research activities and novel material ideas using experimental
and/or modeling approaches. These studies elucidate the interactions of helium with various extreme
environments and tailored nanostructures, as well as their impact on microstructural evolution and
material properties.

Keywords: helium; in situ transmission electron microscopy (TEM); ion beam modification (IBM);
extreme environments; molecular dynamic (MD) simulation; nanostructure stability

Understanding radiation damage effects in materials, used in various irradiation environments,
has been an ongoing challenge since the Manhattan Project, more than 75 years ago. The complexity
stems from the fundamental particle–solid interactions and the subsequent damage recovery dynamics
after collision cascades, which involves a range of both spatial (Å to m) and temporal (ps to decades)
length scales. Adding to this complexity are the transmuted impurities that are unavoidable from
accompanying nuclear processes, such as (neutron, alpha) reactions and their interactions with both
intrinsic and extrinsic defects through damage recovery and defect evolution processes [1]. Helium
(He) is one such impurity that plays an important and unique role in controlling the microstructure
and properties of materials. Although abundant in the universe, He is a rare terrestrial resource
with even greater scarcity in solid matter due in part to its virtually zero solubility in any material
systems [2]. The ultra-low solubility forces He atoms to self-precipitate into small He bubbles that
become nucleation sites for further void growth under radiation induced vacancy supersaturations,
resulting in material swelling and high temperature He embrittlement, as well as surface blistering
under low energy and high flux He bombardment at elevated temperatures. Because it is the large
voids (not the small bubbles) that contribute to the detrimental effects, two general approaches have
been adopted over the years to mitigate the bubble to void transition [3,4]:

(1) Maximize the critical radius at which bubbles transform into voids, for example, by reducing the
vacancy supersaturation; and

(2) Increase the number of stable bubbles by maximizing the number of their nucleation sites
(e.g., as in nanoferritic alloys [5,6]), which reduces the He flux to individual bubbles for any given
He implantation rate.

Materials 2020, 13, 2143; doi:10.3390/ma13092143 www.mdpi.com/journal/materials1
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Obviously, both approaches do not prevent the formation and eventual linkup of voids, but merely
delay it with a hope that other degradation mechanisms become life-limiting. More recently, a totally
different approach was proposed, in which carefully engineered semicoherent metal nanolayers were
found to alter the fundamental growth trajectory of He-precipitates from the traditional equiaxed
growth of 3D nanobubbles into a preferential formation of elongated 1D nanochannels [7]. These 1D
He nanochannels that once interconnected to form a 3D network have a potential to outgas He outside
of the material in Operando when the material is continuously being implanted with He particles,
and thus, effectively reduce the net He particle flux received by the material. During these studies,
He implantation has emerged as a useful tool for understanding complex and diverse environments,
ranging from solar winds in space [8] to ‘nanofuzz’ formation in fusion energy systems [9].

This Special Issue, “Radiation Damage in Materials—Helium Effects”, includes three review articles
and nine full length papers (12 publications in total) on new irradiation material research activities
and novel material ideas focused on understanding He effects on microstructure evolution and the
subsequent properties. The research, originating from 24 different institutions in five different countries
(USA, China, UK, Romania, and Japan), utilizes both experimental and modeling approaches to explore
the complex interaction of He in a wide range of metallic-based microstructures and compositions
(10 in total). These compositions included four ferrous-based systems (Fe, Fe/SiOC, FeCrNi, and
Fe12Cr), three copper-based systems (Cu, Cu/V, and Cu/Nb), two tungsten-based systems (W and
W-TiC), and palladium (Pd). The impact of the research ranged from fundamental shock wave physics
questions such as the role of He impurity on ejecta production in dynamic materials to elucidating the
nuclear engineering candidacy of certain alloys and processing routes for advanced fission and fusion
reactor concepts.

The Special Issue starts with two modeling papers exploring the fundamental nuances of
helium–solid interactions, which in turn permit a greater understanding of the physics and the
development of more reliable models predicting the response of He-containing materials. The first
article by the team at Los Alamos reviews the rapid developments in the Accelerated Molecular
Dynamic (AMD) simulations as applied to the interaction of He in W, which is important for the
success of current and future applications in the area of magnetic confinement fusion [10]. This is
followed up by a detailed MD simulation by Xu et al., that explores the role of He generation on both
grain boundary stability and crack growth in BCC-Fe. This modeling effort also takes advantage of
recent advancements in computational code to produce simulated X-Ray Diffraction (XRD) patterns
that permit rapid experimental validation [11].

The following six papers nicely demonstrate the complex He defects formed depending greatly
on the underlying microstructure and the nuances of the radiation environment. The current
understanding of He evolution in solids is well presented in the review “Radiation-Induced Helium
Bubbles in Metals” [12]. The nuanced importance of composition and nanostructure for both fusion
and Generation IV fission relevant materials are highlighted in the papers by El Atwani et al. exploring
equiaxed nanocrystalline W and ultrafine grained W-TiC Alloy [13], by Kim et al.’s study of dual-phase
12Cr oxide-dispersion-strengthened alloy [14], and by Zhang et al. examining swelling and He bubble
morphology in a cryogenically treated FeCrNi alloy with martensitic transformation and reversion
after He implantation [15]. Two studies in model metal systems (Cu and Pd) noted the impact of
radiation environments by comparing various sequential and concurrent heavy ion irradiation and He
implantation conditions and by controlling the irradiation temperature. The study on nanocrystalline
Cu by the team at Purdue University [16] suggests that He bubbles at grain boundaries and grain
interiors may retard grain coarsening. The work on Pd hydriding behavior by the Sandia and University
of Huddersfield team [17] utilized hydrogen over-pressure during in situ TEM observation in order
to effectively mimic tritium-decay-induced He-3 precipitates in Pd. In both model and application
alloys, it is clear that the evolution of He can vary greatly as a function of alloy composition and
microstructure, as well as the details of the radiation environment.
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Utilizing the understanding of He evolution at the time, it was proposed and demonstrated in
Cu/Nb in 2005 that nanolayered materials with tailored layer thickness and interface structures could
greatly decrease the large scale and catastrophic failure in He implanted metals [18]. In the last 15 years,
the type of interfaces and layer thickness that have been He implanted has exponentially expanded with
a range of engineered microstructures. These research activities are fortunately reviewed in “Interface
Effects on He Ion Irradiation in Nanostructured Materials” [19]. This field continues to grow with new
results from Chen et al. showing a clever triple layer approach to demonstrate the difference between
Cu/V and Cu/Nb interfaces vacancy sink efficiency [20]. Pushing the community away from just
metallic nanolayers, the team from the University of Nebraska and Texas A&M University has explored
the He evolution in a ceramic/metal (SiOC/Crystalline Fe) nanolayer system [21]. These combined
studies show the rapid growth in the study of nanolayers for radiation tolerance and the exciting new
directions that are still left to be explored.

The final paper in this Special Issue by S. Fensin et al. deviated somewhat from the traditional He
effects in materials, where He-induced defects affect microstructural evolution, which further impacts
material properties and performance. Instead, this paper used a clever experimental design, utilizing
the Richtmyer–Meshkov Instability (RMI) technique to determine “The Role of Helium on Ejecta
Production in Copper” [22] and demonstrated a new area of interest in dynamic materials research,
where He-doped microstructures are found to directly influence the surface material ejection behavior
under shock wave extreme conditions.

Taken together, these studies show a vibrant and still evolving simulation and experimental
research community exploring the unique impact He can have on solid matrixes. Despite the scarcity of
He on earth, we expect studies exploring the interaction of He in matter will increase as the accessibility
of He implantation capabilities via the He Ion Microscope (HIM) [23] becomes a common commercial
tool at most research institutes, while simultaneously, the demand for such studies from advanced
fission and fusion nuclear reactor, space exploration, actinide research, and nuclear waste communities
continues to increase.
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Abstract: One of the most critical challenges for the successful adoption of nuclear fusion power
corresponds to plasma-facing materials. Due to its favorable properties in this context (low sputtering
yield, high thermal conductivity, high melting point, among others), tungsten is a leading candidate
material. Nevertheless, tungsten is affected by the plasma and fusion byproducts. Irradiation
by helium nuclei, in particular, strongly modifies the surface structure by a synergy of processes,
whose origin is the nucleation and growth of helium bubbles. In this review, we present recent
advances in the understanding of helium effects in tungsten from a simulational approach based on
accelerated molecular dynamics, which emphasizes the use of realistic parameters, as are expected in
experimental and operational fusion power conditions.

Keywords: helium bubbles; tungsten; nucleation and growth

1. Introduction

Conditions expected in the divertor of the world’s largest tokamak under construction,
ITER (“The Way” in Latin, formerly known as International Thermonuclear Experimental Reactor),
include the low-energy (≤100 eV) helium nuclei impact on a high-temperature tungsten surface
(∼1000 K) [1]. No tungsten defects are created upon impact because the maximum energy transferable
from the collision is significantly below the tungsten displacement threshold [2]. The helium atoms
diffuse in the tungsten matrix, eventually forming helium clusters with lower diffusion rates. At a
critical size, a helium cluster converts into a practically immobile (under Molecular Dynamics (MD)
time scales) entity, composed of the helium cluster and a tungsten Frenkel pair [3]. This helium
(nano-)bubble is able to collect additional helium clusters, triggering the nucleation of additional
Frenkel pairs. As a result, the bubble grows and the tungsten interstitials form a dislocation line
pinned to the bubble, which eventually detaches as a loop, effectively displacing tungsten atoms in the
matrix [4–6].

Recent simulation results, which are the focus of the present review, have shown that the process of
the nucleation and growth of He bubbles in W exhibits extremely rich dynamics, involving competing
mechanisms defined in an ample interval of time scales, which should be studied by considering
advanced atomistic techniques beyond the standard MD approach. In doing so, we mostly focus on
work from our own group where so-called Accelerated MD (AMD) techniques have been applied to
the problem. This manuscript is therefore not meant to be an exhaustive review of the vast literature in
the field, but to summarize our research effort over the last few years. First of all, we briefly review
in Section 2 some results concerning the reflection and implantation of He atoms in W, which give
information about the initial distribution of diffusing He atoms as a function of the impact energy,

Materials 2019, 12, 2500; doi:10.3390/ma12162500 www.mdpi.com/journal/materials5



Materials 2019, 12, 2500

angle of incidence, surface orientation and temperature. In Section 3, the kinetics of He clusters
is considered, with particular attention on the mobility of small clusters and the phenomenon of
trap-mutation, as well as the mobility of small vacancy/helium complexes. The nucleation and growth
of He bubbles in W is the focus of Section 4. In Section 5, we present some results from recent studies
on the interaction between He clusters and He bubbles. Interaction between He bubbles and defects,
specifically grain boundaries, is reviewed in Section 6. Finally, in Section 7, we discuss the advantages
of the AMD techniques, as compared to standard MD, which have allowed us to gain fundamental
insight into the nucleation and growth of helium bubbles in tungsten.

2. Reflection and Implantation of He Atoms

For the sake of completeness, we first discuss the reflection and implantation processes
of He atoms in W. In a fusion reactor, the plasma irradiation flux is composed of deuterium,
tritium, and helium. Contrary to the other two species, which may form a deposited layer, incoming He
atoms are either reflected upon impact or implanted below the W surface. As a first approach to the
implantation problem, we can ignore the interaction with deuterium and tritium, in order to focus on
the behavior of He atoms.

Borovikov et al. [7] studied this topic via MD simulations, significantly extending the scope of
previous computational efforts [8] by considering the effect of temperature in the substrate (300 K,
1000 K, and 1500 K), incidence energy Ei (≤100 eV), deposition angles θi (0–75◦), and substrate
surface orientation ((100), (110), and (310)). The interaction between W atoms was determined by an
Ackland–Thetford potential [9], modified at short distances by Juslin and Wirth [10]. He–W interactions
were obtained from Juslin and Wirth [10], while the He–He potential corresponded to the one used by
Beck [11] modified at short distances by Morishita et al. [12]. Incidentally, these potentials were also
used to obtain all results discussed in the following sections. For each set of parameters considered,
1000 non-accumulative He impact simulations were performed, generating the statistics. The main
focus was the determination of the reflection coefficient R (ratio of reflected He atoms to the total
number of impacting He atoms), the energy reflection coefficient RE (ratio of the kinetic energy of the
reflected He atom to the incident kinetic energy of the He atom), and the average projected range L
(implantation depth normal to the surface) for the implanted He atoms.

Given a substrate temperature and orientation and a deposition angle θi ≤ 75◦, Borovikov et al. [7]
showed that an increase of impact energy (Ei > 10 eV), in general, implies a decrease of R and RE and
an increase of L. For θi = 75◦, all the atoms were reflected. Low impact energies (Ei ≤ 10 eV), even for
small deposition angles, resulted in a reflection coefficient equal to one. They also observed that the
dependence of particle/energy reflection coefficients with the incidence angle was non-monotonic,
with a minimum at specific angles (e.g., θi ∼ 30–45◦ for a surface orientation of (100)), a behavior
attributed to channeling effects. At low temperatures (∼300 K), L increases substantially at θi = 0◦

due to the high probability of channeling events [13]. If channeling is absent, the implantation depth
distributions can be well described by a Gaussian distribution [13], which, at low impact energies,
is truncated at the surface, as shown in Figure 1. More recent works have extended these results by
considering additional surface orientations [14], the effects of pre-existing bubbles in W surfaces [15],
and curvature effects in W nanoparticles [16].
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Figure 1. (Color online) He-implantation depth distribution for a (low) impact energy Ei = 80 eV, at a
deposition angle θi = 0◦, on a W (100) surface equilibrated at 1000 K. A fit to a Gaussian distribution
truncated at the surface is also shown. Taken from Borovikov et al. [7].

3. Kinetics of He Clusters

Once individual He atoms are implanted into the W matrix, their evolution is dictated by
diffusion and clustering. In this section, we highlight some recent results concerning the evolution of
interstitial He.

3.1. Mobility of Small He Clusters and Trap Mutation

As a He atom diffuses through the lattice, it either encounters traps (point defects, dislocations,
etc.) or other He atoms. Clustering is favored because of the binding between He atoms generated by
the elastic interactions caused by the repulsion between the metal atoms and He [17]. At a certain size,
a growing He cluster can force the emission of W interstitials (crowdions), nucleating vacancies (V)
that accommodate the He cluster. This process is known as trap mutation [18] or self-trapping [3].

Using conventional MD, Temperature-Accelerated Dynamics (TAD) [19], Statistical Temperature
(STMD) [20], and multicanonical MD [21,22], Perez et al. [23] determined important thermodynamic
and kinetic parameters describing the diffusion and transformation of small He clusters in W.
They specifically investigated the behavior of HeN clusters with N ranging from 2–7 He atoms,
in an interval of temperatures relevant to nuclear fusion applications centered around 1000 K.

In order to find the most important low-temperature diffusion pathways, Perez et al. [23]
performed TAD with low and high target temperatures of 300 K and 600 K, respectively. For a
given cluster with size N, their simulations started with the lowest energy structure found for the
cluster with size N − 1 plus one additional He interstitial. Once the two species encountered one
another, forming a He cluster with size N, its diffusion was simulated. For each cluster, the lowest
energy diffusion pathway, as well as the lowest energy structure was identified. With the exception
of the case corresponding to N = 5, the ground state structure for all the clusters was found to be
composed of He atoms located in tetrahedral interstices. For N = 5, the fifth He atom occupies an
octahedral interstice; note that there are 24 tetrahedral and 18 octahedral positions within the BCC
unit cell. As shown in Figure 2, the strength of the binding of the He cluster increases with the cluster
size. If we consider the change of energy after removing a He atom from the clusters, the case N = 5
corresponds to a local maximum. Density Functional Theory (DFT) calculations [24] show a similar
behavior, but with higher values, approximately 30%, as compared to the classical potential used in
this work.
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Figure 2. (Color online) Energy change after removing single atoms from a He cluster of size N
(EN − EN−1 − E1; red, left axis) and after complete fragmentation into N single He atoms (EN − NE1;
blue, right axis). These values correspond to T = 0 K. Taken from Perez et al. [23].

Using STMD and multicanonical simulations, Perez et al. [23] obtained finite-temperature effects
on the stability of the clusters, specifically the canonical distributions of cluster compositions for
all temperatures, which allowed determining the probabilities pQ(T) of finding certain cluster
compositions Q. As an example, the case corresponding to N = 4 is shown in Figure 3.
For temperatures T ≤ 2500 K, the most notable cluster configuration is a cluster containing all
four He atoms. With significant probability, single He atoms start to be observed at temperatures above
1500 K. On the other hand, the equilibrium probability of single He atoms becomes vanishingly small
at low temperatures. Furthermore, using free energy data, Perez et al. [23] showed that the temperature
at which He atoms separate from the clusters, or at which clusters are completely fragmented, grows
with N, in accordance with the results obtained at T = 0 K. Figure 3 also provides a picture of
the most probable dissociation scenario as a function of temperature. For instance, approximately
between 1500 K and 2700 K, the four-atom cluster most likely transforms to a three-atom cluster
plus a dissociated He atom, although the additional dissociation of He atoms starts to be more
significant above 2000 K, probably involving intermediate steps. Additional insight is gained when we
consider the volume-independent free energy of the clusters, which provides transition points for a
given transformation.
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Figure 3. (Color online) Probability of finding a certain cluster distribution pQ(T) as a function of
temperature for the case involving four He atoms (N = 4). Notation: (o–o–o–o) = four single atoms;
(o–o–oo) = two single atoms plus a two-atom cluster; (oo–oo) = two two-atom clusters; (o–ooo) = one
single atoms plus a three-atom cluster; (oooo) = one four-atom cluster. Taken from Perez et al. [23].

Available transition pathways are characterized via the Nudged Elastic Band (NEB) method [25],
which is an inherent step in TAD. This analysis was performed by Perez et al. [23] for He cluster sizes
ranging from N = 1–N = 6. For instance, for N = 1, the diffusion pathway goes from a tetrahedral
interstice (lowest energy), through an octahedral interstice (saddle point), to another tetrahedral
interstice position. The corresponding energy barrier was 0.15 eV. Note that this value is almost one
order of magnitude higher than the one obtained via ab initio calculations [26], a result attributed to
the limitations of the interatomic potential. The diffusion pathways become more complex (additional
intermediate minima) as the He cluster size increases. As an example, Figure 4 shows the lowest
energy migration pathway for N = 4.

Figure 4. (Color online) Minimum Energy Path (MEP) for a He cluster containing four atoms. Small
(blue) and large (red) spheres correspond to W and He, respectively. Taken from Perez et al. [23].
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The corresponding migration energy [23] as a function of cluster size is presented in Figure 5.
Coinciding with the unusual structure of the clusters highlighted previously, the cluster with N = 5
He atoms exhibits a very low diffusion barrier, indicating that its mobility is significantly higher.

Figure 5. (Color online) Migration energies as a function of the He cluster size. Taken from
Perez et al. [23].

The diffusivity of the different clusters, as a function of temperature, was obtained from the
time-dependent Mean Squared Displacement (MSD) via a linear fit. As an example, in Figure 6, we
show the results corresponding to N = 4 (similar behavior is seen for N = 1, 6). For the cluster
sizes considered in this study, the main result was the departure from a standard Arrhenius behavior.
Additional insight is gained by considering what Perez et al. [23] termed Superbasin Harmonic
Transition State Theory (SB-HTST), from which a generalized Arrhenius expression is obtained with an
activation energy that becomes a function of temperature. In very good agreement with the MD results,
SB-HTST predicts the downward bending of the slope of the Arrhenius curve as the temperature rises,
due to the increase in the sampling frequency of higher-lying energy basins.

Figure 6. (Color online) Diffusivity as a function of β = 1
kBT for a He cluster with size N = 4. Notation:

red squares: MD results; blue line: Harmonic Transition State Theory (HTST); green line: Superbasin
(SB)-HTST. Taken from Perez et al. [23].

On the other hand, even if the formation of He clusters is energetically favorable, configurational
entropy effects favor isolated He atoms at low concentrations and high temperatures, which motivates
the consideration of breakup reactions. After a careful definition of bound and unbound radii,
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Perez et al. [23] directly determined the breakup rate of He clusters in a range of temperatures between
1000 K and 1500 K using MD. Their results indicated a fast decrease of the breakup rate (and an increase
of activation barriers) as the He cluster size increases, which is shown in Figure 7, in agreement with
the fact that the binding energy per He atom increases with the cluster size.gy p

Figure 7. (Color online) Breakup rate as a function of β. Red +: N = 2; green ×: N = 3; blue ∗: N = 4;
pink : N = 5. Lines correspond to Arrhenius fits. Taken from Perez et al. [23].

Concerning the trap mutation process, Perez et al. [23] also obtained the mutation rates as a
function of temperature, which are shown in Figure 8. The mutation rate increases sharply with size,
with a clear Arrhenius behavior over the range of temperatures considered. Other MD calculations [24]
also exhibit an Arrhenius behavior, although the values reported for the characteristic times were
approximately two orders of magnitude higher. As expected, the larger the cluster, the higher the
mutation rate. Further compounding this effect is the fact that mutation is reversible at smaller N,
i.e., that the W vacancy and W interstitial can recombine, restoring the He atoms to interstitial positions.

Figure 8. (Color online) Mutation rate as a function of β. Red +: N = 7; green ×: N = 6; blue ∗: N = 5.
Lines corresponds to Arrhenius fits. Taken from Perez et al. [23].

The results presented in this section provide a comprehensive characterization of the kinetics
of small interstitial He clusters in bulk W. The behavior close to surfaces has been also studied
via MD simulations [27,28] and DFT calculations [29]. This detailed analysis of He cluster
diffusion, breakup, and mutation into He bubbles can feed, e.g., cluster dynamics [30,31] or kinetic
Monte Carlo [32,33] models able to describe the performance of W at the mesoscale. As an example,
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by recording the cluster pressure and using an object kinetic Monte Carlo code, Valles et al. [33]
showed that the elastic strain energy in the interior of the grains of nanocrystalline W was significantly
lower than the one calculated for monocrystalline W, indicating that nanocrystalline W has a better
mechanical response under He irradiation.

3.2. Mobility of Small Vacancy/Helium Complexes

A further step in understanding the He damage in W is the study of the kinetics of small
vacancy/helium (VNHeM) complexes. After implantation, He atoms diffuse and form clusters,
as discussed in the previous section. Eventually, these He clusters are capable of self-trapping via the
nucleation of a Frenkel pair (W interstitial/vacancy recombination is prevented by He atoms filling
the vacancy) or of binding to preexisting W vacancies. Perez et al. [34] performed AMD simulations
via the Parallel trajectory Splicing (ParSplice) method to study the motion of the complexes involving
one or two W vacancies, characterizing their diffusivity.

A first striking observation is the effect of a single He atom on the mobility of W vacancies.
Perez et al. [34] found that adding a He atom to a single W vacancy (N = 1) causes the diffusivity to
change by at least four orders of magnitude, from ∼10−12 m2/s to a value below ∼10−16 m2/s (with
90% confidence). Note that previous DFT calculations [35] provided explicit values for the change in
migration energy (from 1.81 eV–4.83 eV), which explains the immobilization of the V1He1 complex on
ms timescales. Similar values were obtained for two and three He atoms, as shown in Figure 9.

Figure 9. (Color online) Diffusivity of low He content VNHeM complexes at T = 1000 K. N and M
denote the number of W vacancies and He atoms, respectively. Red: N = 1; green: N = 2. The filled
circle symbol corresponds to a single W vacancy without He atoms. Open symbols are upper bounds
at a 90% confidence level for cases where the complexes did not diffuse on accessible simulation
timescales. Taken from Perez et al. [34].

A di-vacancy (N = 2), on the other hand, is weakly bounded. Over long times, the dimer breaks
apart. In this case, the single He atom immobilizes just one vacancy. However, over longer time scales,
the dimer may reform, eventually allowing the He atom to jump to the other vacancy. An additional
He atom, as seen in Figure 9, immobilizes the dimer over tens of μs time scales.

An increase of the M-to-N ratio leads to He bubble growth via Frenkel pair nucleation [36,37].
Perez et al. [34] highlighted that the Frenkel pair nucleation process is reversible. Using ParSplice
simulations, Perez et al. [34] found that the rates at which nucleation and annihilation (untrapping)
occur are quite sensitive to He content: as M increases, the nucleation rate increases, while
the annihilation rate decreases, as He pressure favors nucleation, but counteracts annihilation.
Similar results for He in Fe have been obtained by Gao et al. [38] also using an AMD approach.

Annihilation is not restricted to the reverse process of the last nucleation event, but
instead, many variants are possible due to the diffusion of W interstitial around the vacancies.
Sequences of such nucleation/interstitial migration/annihilation events give rise to net migration of
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the cluster. Figure 10 shows that the diffusivity of complexes depends sensitively on the He content,
through the dependence of the nucleation and annihilation rates.

Figure 10. (Color online) Diffusivity of high He content VNHeM complexes at T = 1000 K as estimated
from kinetic Monte Carlo simulations informed by ParSplice simulations. Red: N = 1; green: N = 2.
Filled symbols correspond to estimates of the diffusivity, while open symbols are upper bounds at a
90% confidence level for cases where the complexes did not diffuse on accessible simulation timescales.
Taken from Perez et al. [34].

In order to evaluate the importance of considering the mobility of such complexes,
Perez et al. [34] performed mesoscale cluster dynamics simulations using the Xolotl model of
microstructural evolution [30]. Figure 11 shows the overall retention of He atoms within the W wall
when the diffusion of He/vacancy complexes is either allowed or forbidden. The results clearly showed
that the mobility of these complexes provides an efficient outgassing pathway for He. These results
also demonstrate that incorrect conclusions can be reached from standard MD simulations, as their
limited time-scale restricts the set of events that can be observed. Surface effects on the stability of
helium-vacancy complexes, on the other hand, have been recently studied via DFT calculations [39].

Figure 11. (Color online) He retention as a function of fluence. Red: 4 × 1025 He/m2/s;
green: 4 × 1023 He/m2/s; blue: 4 × 1022 He/m2/s. Continuous and dashed lines correspond to
immobile and mobile complexes, respectively. Taken from Perez et al. [34].
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4. Nucleation and Growth of He Bubbles

In this section, we focus on the growth of He bubbles after self-trapping, whereby additional He
atoms are captured by helium/vacancy complexes, driving the nucleation of additional Frenkel pairs
and the formation of dislocation lines around the bubbles.

Sandoval et al. [37] studied the growth of isolated He bubbles using AMD simulations in order to
isolate the effect of the growth rate on the microstructural evolution. Starting with a W vacancy filled
with eight He atoms, located 1.9 nm below the surface of the material, Sandoval et al. [37] carefully
inserted He atoms at constant time intervals (the diffusion process of He atoms and their capture
by the bubble were not explicitly considered). The growth rates spanned six orders of magnitude,
from 1012–2 × 106 He s−1, which can be associated with He fluxes in the range of 1030–1024 He m−2s−1,
the last one being on the order of magnitude of fluxes expected at ITER [40].

Successive incorporation of He atoms in a bubble increases its pressure, which is the driving force
for nucleation of Frenkel pairs, as has been shown by standard MD simulations [36]. The nucleation
of Frenkel pairs increases the bubble size and partially releases the pressure in the bubble. Prismatic
〈111〉 dislocation loops, formed by the aggregation of W interstitials, are emitted from the bubble.
Sandoval et al. [37] observed clear kinetic differences as a function of the growth rate. For instance,
the first detected event (the nucleation of a Frenkel pair) required fewer He atoms at slower growth
rates, as shown in Figure 12a.

Figure 12. (Color online). Bubble growth as a function of the He insertion rate. (a) Average content of
He atoms in the bubble at the time of the first detected event. Points with no error bars (red squares)
are obtained from a single Parallel Replica Dynamics (ParRep) simulation. Points corresponding to
rates ≥1011 He s−1 were obtained via standard MD simulations. (b) Average pressure in the He bubble
as a function of the He content and growth rate. Taken from Sandoval et al. [37].

After nucleation of a Frenkel pair, the new W vacancy increases the bubble volume, while the
W interstitial becomes a 〈111〉 crowdion tangent to the bubble. If the growth rate is slow enough,
the crowdion is able to move around the bubble. Simulations show that subsequent interstitial
emissions (driven by the constant addition of He) are most likely to occur in the neighborhood
of interstitials already decorating the bubble, hence forming an incipient 〈111〉 dislocation line.
For shallow bubbles, these dislocations elastically interact with the W surface, which drives their
motion to the side of the bubble closer to the surface. This in turn favors subsequent interstitial
emission from the surface-facing side of the bubble, which causes a preferential growth towards the
surface. The dislocation arc eventually detaches from the bubble forming a 〈111〉 dislocation loop,
which glides to the surface displacing W atoms and increasing the surface roughness. Note that,
in general, as the growth rate is lowered, the probability of nucleating a new Frenkel pair before the
next insertion increases, leading to lower pressure because of smaller helium/vacancy ratios, as seen
in Figure 12b. This allows the definition of slow and fast growth regimes based on the speed at
which W interstitials (crowdions) can diffuse around the bubble. At fast growth rates, typical of the

14



Materials 2019, 12, 2500

ones commonly used in standard MD simulations, the emission of W interstitials is fast compared to
their diffusion around the bubble. Therefore, dislocation lines grow where they are first nucleated,
generating a more isotropic growth, delaying the bursting point as compared to the slow growth
regime where emitted interstitials have time to diffuse around the bubble, facilitating the interaction
with the surface and leading to a more directional growth process.

The growth of deeper and bigger He bubbles was studied by Sandoval et al. [41], following the
approach described previously, where MD and AMD simulations were performed to explore the role
of the growth rate, whose values spanned six orders of magnitude (106–1012 H s−1). In this case, the
bubble was created 6 nm below the surfaces. As observed in Sandoval et al. [37] for shallow bubbles,
fast growth rates lead to higher pressures than slow growth rates. Between successive insertions, at
slow growth rates, the system is able to explore its phase-space more thoroughly, eventually activating
relaxation mechanisms such as the nucleation of Frenkel pairs, which allows for the release of the
pressure. In addition, a remarkable difference is observed between simulations with different growth
rates, corresponding to the number of coexisting dislocation lines attached to the bubble. As is shown
in Figure 13, multiple dislocations were observed at fast growth rates, in contrast to only one at slower
rates. This was again attributed to the insufficient time for the interstitials to reorganize around the
bubble when the interstitial emission rate was fast compared to their diffusion rate.

Time = 0.45 ns Rate = 1x10  He/s
12

Time = 720.1 ns Rate = 1x10  He/s
7

Figure 13. (Color online) Representative snapshots highlighting the dislocation loops attached to
a growing He bubble for (a) fast and (b) slow growth rates. Dark and light spheres correspond to
W vacancies and W interstitials, respectively. The detection of point defects is performed by the
Wigner–Seitz defect analysis tool implemented in OVITO [42]. Taken from Sandoval et al. [41].

Using a Parallel Replica Dynamics (ParRep) [43] simulation, Sandoval et al. [41] showed that the
nature of the dislocation structure around a growing bubble strongly depends on the growth rate.
Specifically, they took, as the initial ParRep configuration, a dislocation structure composed of many
arcs obtained from an MD simulation of a bubble growing at a fast rate. The entangled dislocation
lines evolved to a single dislocation via a reorganization of W interstitials, which was then released
from the bubble as a single loop.

Recent works have advanced this knowledge by studying the loop-punching mechanism for large
bubbles at low temperatures (300 K) [44], the energetics and kinetics of He bubble growth for insertion
rates in the fast growth regime (∼30 ps between He insertions) [45], the lifetimes of non-growing He
bubbles close to W surfaces [46], and the effect of strain fields [47]. MD and AMD results describing
the bubble bursting process have also been incorporated into the cluster dynamics model Xolotl [31].

Including the diffusion process of He clusters to study the growth process of He bubbles adds
interesting aspects to the simulation results, as shown by Sandoval et al. [48]. He monomers and dimers
were introduced in a simulation box thermalized at different temperatures in the range [600, 2000] K.
After nucleation of an initial He bubble and a W interstitial (crowdion) via self-trapping, incoming He
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clusters were allowed to diffuse freely and interact with them. The simulations showed that incoming
He atoms strongly interact with the crowdion structure developed around a bubble, either impeding
their incorporation into the bubble or even trapping them. If an He atom remains trapped in the
crowdion structure for a sufficiently long time, it can eventually be joined by a newly-inserted He
atom, forming a dimer. Sandoval et al. [48] also showed that the interaction with a He dimer is
stronger, as compared to single He atoms. The simulations revealed that if the He-dimer, already
trapped in the crowdion structure, captured two additional He atoms, the nucleation of a new He
bubble via self-trapping was highly probable. Subsequently, as new bubbles grow, more crowdions
are generated, which, in turn, can capture additional He atoms. A network of He (nano-)bubbles is
formed, which is strongly dependent on the temperature, as shown in Figure 14. High temperatures
reduce the probability that He atoms would remain trapped by the crowdions long enough to facilitate
the nucleation of new He bubbles. Furthermore, at low He fluxes the trapped clusters would likely
have time to de-trap from the crowdion structures, which affects the formation of the network.

He63V12 at 600 K

a)
Only monomers

b)
Monomers and dimers

He63V8 at 600 K

c)

He63V16 at 1000 K

e)

He63V21 at 1600 K

g)

He63V17 at 2000 K

d)

He63V16 at 1000 K

f)

He63V12 at 1600 K

h)

He63V20 at 2000 K

Figure 14. (Color online) Formation of He bubble networks. The top row shows snapshots after 55 He
monomers have been inserted at a rate of 1 × 109 He s−1. The bottom row shows snapshots after
insertion of 49 He monomers, at the same rate, plus three He dimers inserted at t = 10, 30, and 50 ns.
Gray and blue spheres denote He atoms and W vacancies, respectively. Taken from Sandoval et al. [48].

5. Interaction between He-Clusters and He-Bubbles

Now, we extend the observations considered in the previous section to include the interaction
between pre-existing bubbles and He clusters. Perez et al. [49] characterized the thermodynamics
and kinetics of these interactions, showing that, in addition to attracting clusters, He bubbles also
enhance the probability of trap-mutation in their neighborhood. In Figure 15a we show the simulation
setup used by Perez et al. [49]. In a cubic simulation box containing 16,000 W atoms, a rhombic
dodecahedral bubble with (110) facets was constructed by creating a void of 175 W vacancies, which
was subsequently filled with 481 He atoms (in the original paper [49], the bubble geometry used was
incorrectly described). The system was equilibrated at a temperature of T = 1000 K. Previous MD
simulations indicated that the internal pressure was 26 GPa, a typical value for a growing bubble that
has just released a dislocation loop. In addition to the large bubble, individual HeN (N = 1–6) clusters
are introduced in the simulation cell.
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b)

a)

c)

Figure 15. (Color online) Interaction of He clusters with He bubbles. (a) Simulation setup:
W, substitutional He, and interstitial He atoms are shown as red, blue, and yellow spheres, respectively.
The plot axes are aligned with [100] directions. An He cluster containing three atoms is placed in
[110] orientation relative to the center of the bubble. The inset corresponds to a view from a [110]
direction. (b) Free energy of HeN clusters as a function of the distance to the center of the bubble.
(c) Radially-averaged trap mutation rates as a function of the distance to the center of the bubble for
N = 5. Taken from Perez et al. [49].

Using a direct histogram method, Perez et al. [49] obtained the free energy of He clusters at
different positions around the bubble. The free energy gradually decreases at short range, as seen in
Figure 15b, while the elastic interaction becomes stronger as the He cluster size increases. The capture
distance goes from ∼18 Å for N = 1–∼22 Å for N = 6. Furthermore, the He cluster–bubble interaction
presents a notable angular dependence because of the elastic anisotropy. He clusters are channeled
along [100] directions, as approaches along [111] directions are strongly disfavored.

Although the incorporation of He clusters into existing bubbles is thermodynamically favored,
there also are mechanisms that might obstruct the bubble growth. One of them is trap-mutation,
where the cluster becomes a satellite nanobubble. Perez et al. [49] computed the trap mutation rates
for HeN clusters as a function of the position around the bubble. Their results clearly showed an
enhancement of the trap mutation rate for distances going from 8 Å to 25 Å. Figure 15c shows the case
corresponding to N = 5, where the asymptotic behavior to bulk values at long distances is clear, while
at short distance, the trap-mutation rate increases by almost three orders of magnitude. Much like the
interaction with the dislocations above, strains due to the surrounding microstructure can enhance the
probability of self-trapping.

Using AMD simulations, Perez et al. [49] determined the role of the satellite nanobubbles in
the bubble growth process. One interaction mechanism observed corresponds to the annihilation of
the satellites, for N = 1 or 2 and short distances, by means of a W interstitial emitted by the bubble
via a Frenkel pair nucleation. The nanobubble becomes a mobile interstitial cluster again, which is
easily absorbed by the bubble. At longer distances, the annihilation of W vacancies in satellite bubbles
can be activated when 〈111〉 dislocation loops emitted by the bubble impinge upon the nanobubble;
this mechanism is more significant for small N. For larger values of N, we observed that transfer of
He atoms to the bubble preceded annihilation. In particular, it was observed that, for N ∈ (4, 5, 6),
dislocation loops and nanobubbles were transiently bound, which facilitated the transfer of He to
the bubble.

6. Interaction between He-Clusters/Bubbles and Defects

We have so far considered the nucleation and growth of He bubbles in initially pristine crystal
lattices or in lattices with a controlled configuration of vacancies where He atoms have been carefully
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introduced. All crystal defects (vacancies, interstitials, and dislocations) were generated in the
process of nucleation and growth. In this section, we highlight some recent results obtained via
AMD simulations, which consider pre-existing defects, in particular Grain Boundaries (GBs).

Recently, Liu et al. [50] studied the process of He-bubble nucleation and growth in the
neighborhood of a Σ5[100](310) tilt GB. This GB possesses a well-ordered structure, stable at
temperatures typical of a fusion environment (1000 K in that work), as shown in Figure 16.

a) b)

Figure 16. (Color online) Structure of the Σ5[100](310) tilt grain boundary in W. (a) Along the tilt axis.
(b) along [130]grain 1/[310]grain 2. Taken from Liu et al. [50].

Liu et al. [50] used a simulation supercell for ParRep simulations initially containing 39,200 atoms,
with periodic boundary conditions applied along the y and z directions. Similar to Sandoval et al. [37],
eight He atoms were placed inside a pre-existing vacancy at the center of the GB plane. New He
atoms were inserted inside the bubble at a rate of 1 He atom/10 ns, a value that corresponds to the
slow growth regime in bulk conditions [37], close to what is expected at ITER for surface GBs [40].
During growth, W interstitials were emitted within the GB, and some of them escaped away from the
nanobubble. As the bubble grew, it was observed that self-interstitial-atom loops were not formed,
contrary to the behavior in the bulk, due to the strong binding of W interstitials to the GB plane.
Eventually, a halo of W interstitials was formed around the bubble, trapped at the GB, as shown in
Figure 17, corresponding to the final snapshot of the ParRep simulation.

Figure 17. (Color online) Final atom configuration of a ParRep simulation of the He growth process
of a bubble pre-nucleated at the grain boundary. (a) Perspective view showing the boundary of
one of the grains. (b) Side view showing only the defects. White, orange, green, and blue spheres
denote non-defective W atoms, W vacancies, W interstitials, and He atoms, respectively. Taken from
Liu et al. [50].
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In a second set of simulations, Liu et al. [50] evaluated the effect of the W interstitial halo on the
arrival of a diffusing He atom. Snapshots corresponding to these simulations are shown in Figure 18.
It was observed that the W halo attracts the incoming He atom, but prevents it from reaching the bubble,
which suggests that the W halo may limit the diffusion of He atoms into the bubble, affecting the
bubble growth process. This hypothesis was further supported by directly computing the diffusion
barriers for He using climbing-image nudged elastic band calculations [25,51].

Figure 18. (Color online) Snapshots of the temporal evolution of the interaction of an excess He
atom and a He bubble, both located at the grain boundary, obtained via ParRep simulations. (a) 0 ns,
(b) 111 ns, and (c) 469 ns. White, orange, green, and blue spheres denote non-defective W atoms,
W vacancies, W interstitials, and He atoms, respectively. Taken from Liu et al. [50].

In a last set of ParRep simulations, Liu et al. [50] introduced He atoms randomly into the GB at a
rate of one He atom/100 ns. Inserting He atoms directly into the GB plane is supported by the fact that
He atoms introduced into bulk W quickly migrate to the GB, as shown by recent simulations [27,30,52],
where a sink segregation strength has been defined and calculated for some symmetric tilt grain
boundaries, as well as for a few surface orientations. As in the bulk, He atoms migrating in the GB
eventually encounter other He atoms, trap-mutating and nucleating bubbles. Again, contrary to the
bulk case, interstitials emitted during the bubble growth process cannot escape, as previously described.
As a result, for a given population of He atoms, a more evenly-dispersed set of He nanobubbles is
expected at a GB, as compared to the bulk. After this saturation stage, new He atoms would arrive
directly to the reconstructed GB region, re-initiating the bubble growth process. Further investigation
is required to determine the bubble nucleation and growth process in other types of GBs to determine
the generality of this bubble growth mode.

7. Discussion

The key defining characteristic of the AMD methods is their ability to extend the time scale
of atomistic simulations to times further, in some cases much further, than conventional MD,
while retaining near-full fidelity with the underlying atomistic interactions. This enables simulations
that are simply impossible otherwise, probing behavior that is otherwise opaque. Many of the examples
discussed in this overview exemplify this behavior, as we have elucidated atomic-scale mechanisms
that would not be found if limited to MD time scales.

Just as importantly, other methods for accelerating time scales, such as Adaptive Kinetic Monte
Carlo (AKMC) [53,54], would be challenging, if not impossible, to apply to some of the scenarios
discussed here. In ParRep, the definition of a state can be made very generally, and this was particularly
valuable when simulating bubbles, where the dynamics of the fast He atoms could be ignored.
Methods such as AKMC and, to be clear, TAD, which require explicitly finding saddle points for all
events, would not be applicable to systems with such fast moving degrees of freedom. Thus, while those
methods are certainly powerful and provided new insight into some of the problems described here,
there are limitations in using those methods in simulations involving gas bubbles.

For example, in scenarios in which the He gas is still in the W matrix, TAD proved effective at
describing the kinetics of the resulting interstitial clusters. These TAD simulations revealed complex
behavior versus cluster size that would be difficult to guess a priori. However, once gas bubbles
nucleate, methods such as TAD would simply be impossible to apply. Using ParRep, where the states
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could be defined based on the W subsystem, the types of simulations can be extended significantly.
In particular, ParRep enabled long-time simulations of bubbles in multiple environments with varying
types of boundary conditions, providing new insight into how bubbles grow.

The most important consequence of extending the time scale of these simulations is that new
mechanisms start to dominate. In most of the examples discussed here, there are multiple atomic-scale
mechanisms with different rates that compete to drive the evolution of the material. If the time scale is
not extended, the external drive applied to the system, in this case, the introduction of He, has to be so
fast that other processes simply cannot occur on the time scale of the simulation. For example, if He is
introduced too fast into a growing bubble, the emitted W interstitials are simply frozen in place, and
the bubble grows qualitatively differently than if those interstitials can migrate and interact with the
surrounding microstructure. Similarly, if the bubbles are grown more naturally, via the arrival of He
from the matrix, the rate of He introduction changes whether the He reaches the central bubbles or
not. In the case of the migration of He-V clusters, there is no external drive, but extending the time
scale of the simulation allowed for both Frenkel pair formation and, critically, annihilation. If that
annihilation had not been observed, neither would the net migration of the cluster. Thus, we see
repeatedly that the observed behavior strongly depends on which mechanisms are active over the
course of the simulation.

It should be noted that AMD methods are not a panacea for all simulations at the atomic scale.
There are cases where AMD approaches will not provide any significant benefit over conventional
MD. For example, the dynamics of the He within the bubbles cannot be accelerated as their dynamics
are simply so fast. In the cases described here, this was not a critical limitation as the W dynamics
dictate the system evolution. However, if all of the key behavior was related to the dynamics of the fast
moving system, the AMD methods would provide only marginal benefit. As a general rule, what is
already fast cannot be significantly accelerated.

Another limitation involves the system size. As the system size increases, so does the
computational cost. Depending on the nature of the scaling, the AMD methods scale worse
than MD, the worst situation being when the overall rate of events increases with system size.
Thus, the simulations presented here are limited in how deep the bubbles are below the surface, a direct
consequence of the need for larger system sizes and the issue with scaling. There are developments
to overcome these limitations, and significant progress has been made; however, this is one of the
ongoing challenges in applying these methods.

However, in spite of these limitations, the insights gained from these simulations extend our
knowledge of how gases behave in metals, not only for fusion-relevant conditions, but more generally.
They provide direct atomic-level information about key mechanisms that can be directly used in higher
level models and have been shown to significantly change predictions at the meso-scale. In conjunction
with conventional MD simulations, atomic scale simulations using AMD methods can provide high
fidelity information about the atomistic mechanisms that drive material evolution in harsh conditions
where kinetics are all-important.

8. Conclusions

We have reviewed some recent results concerning the modeling and simulation of helium effects
in tungsten in the context of nuclear fusion power, with special focus on the application of accelerated
molecular dynamics methods. We have considered the implantation process of helium atoms in the
tungsten matrix, the subsequent diffusion of helium clusters, the process of nucleation and growth of
helium bubbles, the interaction between helium clusters and bubbles, and the role of tungsten defects
(interstitials, dislocations, and grain boundaries). A manifest outcome of this review corresponds
to the importance of taking into account an extended range of time scales in order to include the
dominant mechanisms determining the evolution of the surface microstructure in tungsten as a
plasma-facing material.
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Abstract: Helium (He) effect on the microstructure of nanocrystalline body-centered cubic iron
(BCC-Fe) was studied through Molecular Dynamics (MD) simulation and simulated X-ray Diffraction
(XRD). The crack generation and the change of lattice constant were investigated under a uniaxial
tensile strain at room temperature to explore the roles of He concentration and distribution played
in the degradation of mechanical properties. The simulation results show that the expansion of the
lattice constant decreases and the swelling rate increases while the He in the BCC region diffuses
into the grain boundary (GB) region. The mechanical property of nanocrystalline BCC-Fe shows He
concentration and distribution dependence, and the existence of He in GB is found to benefit the
generation and growth of cracks and to affect the strength of GB during loading. It is observed that
the reduction of tensile stress contributed by GB He is more obvious than that contributed by grain
interior He.

Keywords: molecular dynamics; Helium effects; crack formation; nanocrystalline BCC iron;
mechanical properties

1. Introduction

Both displacement damage and production of foreign elements can be introduced in the structural
materials under nuclear radiation environment. Point defects and foreign elements generated during
neutron irradiation evolve into interstitial clusters, bubbles and voids that lead to severe degradation
of mechanical properties, such as hardening, embrittlement, and fracture, void swelling and irradiation
creep [1]. Due to extremely low solubility of He in any metal, He as a foreign element in nuclear
materials aggregates to form clusters and bubbles near the grain boundary (GB) [2,3] which eventually
link up and cause intergranular failure [1,4]. It has been established in theory that the strength of GB
is reduced by He or He clusters [5–7]. Studies have shown that GB acts as a neutral and unsaturable
sink to radiation defects [8,9], or a source, emitting interstitials to annihilate vacancies [10]. Thus,
the effects of GB and He on the nuclear material with nanocrystalline structure are widely studied to
either understand the mechanisms of radiation effects or solve some practical problems such as the
reduction of He embrittlement, void swelling and so on.

Improved radiation tolerance in nanostructure alloy with a high area fraction of GBhas been
reported in many experimental studies. A significant grain size effect on radiation tolerance
was observed in nanocrystalline body-centered cubic Mo and Fe under He ion irradiation [11,12].
The density and size of defects (dislocation loops, He bubbles) showed a grain size dependence
under irradiation [11,12]. The He embrittlement might have been reduced due to the high number
density of nanoclusters which acted as effective sinks to radiation defects in nanostructured ferritic
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alloys (NFS) [13,14]. The behavior of He on microstructure evolution in nuclear materials with GB has
been investigated by Molecular Dynamic (MD) simulation and theoretical methods. The study on the
nucleation and growth of He clusters in α-Fe GB [15] indicates that the interstitial He atoms tend to
combine with nearby monovacancies or HenV clusters to form larger HenV clusters. The accumulation
of He atoms and the evolution of GB structure are affected by local He concentration, temperature,
the original GB structure, or their combination in α-Fe [16]. It is demonstrated that the GB tensile
strength is reduced by the He segregation which breaks (substitution) or weakens (interstitial) the
surrounding interfacial Fe-Fe bonds [5]. The impact of GBs on the clustering properties of He and
the possible effect of He on GB decohesion were investigated in references [6,17]. Additionally,
the deformation mechanisms in nano-twinned and nanocrystalline materials have been carried out by
MD simulations [17–20], and intergranular crack are reported in those studies.

These studies have provided valuable insights into the He effect on the mechanism of radiation
tolerance in nuclear material with GB, but there are few reports about the He effects on the
microstructure of nanocrystalline body-centered cubic iron (BCC-Fe). In this work, MD simulations
were employed to study the He effects on generation and growth of cracks in nanocrystalline BCC-Fe.
The evolution on microstructure of nanocrystalline BCC-Fe under a uniaxial tensile strain condition
was investigated through simulated X-ray Diffraction (XRD) patterns. Based on the simulation results,
the relationship between the change of microstructure and the degradation of mechanical property
during loading is discussed and analyzed.

2. Simulation Method

The model of nanocrystalline BCC-Fe is constructed for simulation using the Voronoi tessellation
method [21] with random Euler angles assigned to each grain (see Figure 1). The average grain size of
the model with volume of (80×a)3Å3 is 8.28 ± 0.32 nm. The lattice constant of the model, a, equals
2.8553Å. The size of grain is represented by the average diameter of grain volume. The simulation
is performed using the LAMMPS [22] and the interatomic EAM potential for BCC-Fe developed by
Mendelev and his co-worker [23]. Any overlapping atoms that are separated by less than 1.7Å are
deleted from the nanocrystalline model and then the final structure with periodic boundary conditions
is relaxed using conjugate gradient minimization with an energy tolerance of 10−5 eV/Å. There are
40 grains in the resulting structure with 1,001,493 atoms.

Figure 1. Initial model of nanocrystalline BCC-Fe, the atom was colored according its grain ID
(identification).

In the picture of pure BCC-Fe model with minimized nanocrystalline structure (Figure 2a), it shows
that the potential energy of the iron atom in GB region is slightly larger than that in grain interior region
according to the color map. The percentage of iron atoms in the GB region with non-BCC structure,
about 18.3%, is calculated by the adaptive common neighbor analysis (ACNA) algorithm. Models of
nanocrystalline BCC-Fe with homogeneous and intergranular distribution of He are considered in the
present work, because an He atom is introduced randomly in the nuclear structure material under
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radiation environment, and it tends to form clusters at GBs based on studies from both experiment [11]
and theoretical simulation [6]. To clarify the failure of mechanical property contributed by the He
distributed at the BCC region, the model doped with He in BCC region is also built for comparison.
Substituted He are introduced in the system owing to the fast migration of interstitial He, which are
known to strongly interact with vacancies [3,24,25]. According to the distribution and concentration of
He, three groups of cubic models are built based on the minimized model (see Figure 2a). Then these
nanocrystalline models with He is subjected to the energy minimization again at 0 K.

Figure 2. (a) Nanocrystalline model after energy minimization; (b) The model with BCC He (1%);
(c) The model with uniform He (1%); (d) The model with GB He (1%). The atom in model (a–d) was
colored according to potential energy (see color map). The red ball in (b–d) represents He atom.

The distribution of He in three groups of models is as follows: the grain-interior distribution of He
is represented by “BCC He”; the homogeneous distribution of He is represented by “uniform He”; and
the intergranular distribution of He is represented by “GB He”. The fraction of He distributed in every
group of model is 0.5%, 1% and 3%. The picture of the minimized model with the BCC He, the uniform
He and the GB He (1%) are shown in Figure 2b–d, respectively. The GB He atom is observed in the
model with BCC He or uniform He after the energy minimization (see Figure 2b,c, marked by yellow
arrow). In addition, several He clusters are observed in Figure 2b–d since He atoms strongly aggregate
into clusters rather than distribute homogeneously [6]. The simulation results about the He effects on
the microstructure of polycrystalline BCC-Fe after energy minimization is detailed in Section 3.1.

In order to study the mechanical property of nanocrystalline structure, these models are annealed
at 300 K for 10 ps with a Nose/Hoover isobaric-isothermal (NPT), and then subject to a uniaxial tensile
load with a strain rate of 10 8 s−1. The simulation step is set at 0.001 ps. The potential of He and
Fe-He in references [26,27] are employed in the simulation work. The deformation of models during
the process of simulation is visualized by Ovito [28,29]. The evolution on the microstructure of the
present nanocrystalline models during loading is described in Section 3.2, and the calculation results is
discussed and analyzed in Sections 4.1 and 4.2.

3. Results

3.1. He Effects on Microstructure of Nanocrystalline BCC-Fe after Energy Minimization

It is observed in Figure 2b–d that the potential energy of iron atom is changed owing to the
introduction of He in nanocrystalline model, so the relative position of single iron atom in the system
is modified. In order to investigate the He effect on the microstructure of nanocrystalline after the
energy minimization, both the modification of atomic volume distribution and the expansion of lattice
constant induced by He are studied. The swelling rate contributed by the expansion of atomic volume
and lattice constant are calculated respectively. The atomic volume is represented by the volume of
Voronoi cell for lattice site. The lattice constant of present models are obtained through the simulated
XRD pattern.

The volume distribution of He and Fe are plotted in Figure 3. Figure 3a shows that the peak
volume of Fe in the model doped with BCC He, uniform He and GB He moves right with the increase
of He concentration. That is to say the average of atomic volume of Fe is expanded owing to the
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introduction of He. The small peak marked by a red arrow represents the atomic volume of iron atom
affected by nearby He in the grain interior region. It is illustrated that the average distance between
two perfect lattice sites which are taken up by iron atoms become further if one of them or its neighbor
is replaced by a He.

Figure 3. Volume distribution of Fe (a) and He (b) in polycrystalline model with and without He.

It is observed in Figure 3b that the average volume of He in the model with uniform He or BCC
He is lower than that in the model with GB He. The volume distribution of He in the model with GB
He covers a wider volume range compared with that in a model with uniform He. The small peak in
volume distribution curves for models with BCC He and uniform He were marked by red arrow in
Figure 3b, and these peaks represent the atomic volume of He which formed into He2 or He3 cluster in
the grain interior region after the energy minimization. Figure 3b shows that the average volume of
Voronoi cell for lattice site taken up by Fe get larger while these lattice site are occupied by He.

The existence of He, which occupied BCC lattice site in the models, leads to the distortion or
disorder of the surrounding lattice site. In order to study the expansion and distortion of the lattice site
of Fe, the XRD patterns of present models are simulated by LAMMPS. According to Bragg formula,
the lattice constant of present models are obtained by XRD patterns. The increase of lattice constant
(Figure 4b) was observed as a left shift of the {110} peak in XRD patterns (Figure 4a) when the He
concentration increases. Figure 4b shows that the expansion of lattice constant caused by the given
concentration of He decreases with the decreasing fraction of BCC He.

Figure 4. (a) Simulated XRD patterns and (b) lattice constant of polycrystalline model doped with He.

The expansion of atomic volume and lattice constant means that the swelling is unavoidable for
the present models doped with He, thus, the swelling rate is calculated after the energy minimization.
The total swelling rates contributed by the expansion of the atomic volume are plotted in Figure 5a.
The total height of the bar in Figure 5a represents the swelling rate, defined as the percentage change
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on the average of atomic volume due to the introduction of He in the model. It is observed in Figure 5a
that the swelling rate has clearly He concentration and distribution dependence. The total swelling
rate of the model increases with the increasing of He concentration, and this value induced by BCC
He or uniform He is lower than that induced by GB He. The swelling rate contributed by the atomic
volume expansion of He has the same tendency as the total swelling rate. Thus, the expansion of
model with given He concentration will continue to increase if the He which is distributed at the BCC
region diffuses into the GB region. The swelling rate contributed by the change of lattice constant is
shown in Figure 5b as a comparison. It is observed in Figure 5b that the swelling rate obtained by the
expansion of lattice constant is slightly lower in the model with GB He than in models with uniform
He or BCC He while the total He concentration remains unchanged.

Figure 5. The swelling rate of nanocrystalline models are plotted as a function of He concentration.
(a) The swelling rate is calculated by the expansion of atomic volume. The swelling rate contributed by
Fe is represented by black bar. The swelling contributed by the expansion of He was colored according
to the distribution of He in the models; (b) The swelling rate is contributed by the expansion of lattice
site, the color of the bar represent the distribution of He.

It is clearly observed in Figure 5 that the swelling rate obtained by XRD patterns is lower than
that obtained by the expansion of atomic volume. The reason is that the peak position of XRD is
determined by the lattice site of BCC Fe atom rather than by the disordered Fe atom which lost the
crystal structure. That is to say, the distortion of BCC lattice site (such as disordered Fe) is more severe
in the models doped with GB He than in the models doped with BCC He or uniform He. Thus, it
is observed that the swelling rate contributed by the expansion of lattice constant is smaller in the
former than in the latter. This implies that the volume expansion of present models contributed by
both doped He and disordered Fe is larger than that contributed by the expansion of lattice constant.
It is deduced that the total swelling rate of present models is contributed by doped He, disordered Fe
and BCC Fe. Additionally, the GB structure of nanocrystalline is changed more severely in the model
with GB He than in the models with uniform He or BCC He, since the disordered Fe and the GB He is
wholly located at the GB region of the former.

3.2. He Effect on the Generation and Growth of Cracks in Nanocrystalline BCC-Fe during Loading

The effect of He on the mechanical property of nanocrystalline BCC-Fe is investigated by
LAMMPS. Figure 6a shows the curve of normal stress along the loading direction as a function
of strain for models with different He concentration and distribution. It is observed that the peak value
of normal stress decreases with increasing He concentration in the model with BCC He, and this value
is further reduced if some or all of the BCC He diffuses into the GB region. It is shown in Figure 6a that
the tensile strength of nanocrystalline models is also induced by BCC He (see dashed line and blue
triangle), because the microstructure is changed in the BCC region (see Figures 3 and 4). It is observed
in Figure 6b that the tensile strength of the model with 3% uniform He is close to that of the model
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with 1% GB He, that is to say, the effect of additional 2.4% uniform He or 0.4% GB He on the model
with 0.6% GB He is almost same. It is implied that the reduction of tensile strength is less in the model
with a larger fraction of He distributed at BCC region while the He concentration remains unchanged.
Moreover, the absence of strain hardening in the present models with He is observed because the
normal strength of the present nanocrystalline BCC-Fe is mainly affected by grain size [20,30].

Figure 6. (a) Normal stress-strain curves for moles with different He concentration and distribution
under uniaxial tensile strain; (b) The maximum normal stresses of models with BCC He, uniform He
and GB He.

The deformation processes in the present models are visualized and the crack is observed in
the GB region. Figure 7a–d show one of the crack appeared at 6.5% strain in the cross section of
nanocrystalline model without He and with BCC He, the uniform He and GB He, respectively. Figure 7
illustrates that the crack is formed in the intergranular region during loading [17,31]. The structure of
lattice site for atom in models is analyzed with the help of ACNA algorithm. It is observed that the
atom of Fe with the structure of FCC or HCP formed into clusters along the GB during the deformation
of the model, and those phase transitions are studied in Ref. [19]. The fraction of FCC (face-centered
cubic) and HCP (hexagonal close-packed) Fe reaches the maximum at the peak of normal stress and
then decreases with the increase of deformation. The existence of He is observed inside the crack
shown in Figure 6c,d.

Figure 7. Cracks formed in the model (a) without He; (b) with BCC He (0.5%); (c) with uniform He
(0.5%) and (d) with GB He (0.5%). The structures of Fe atom analyzed with the help of ACNA algorithm
are colored according to the color map, and the red ball represents He atom.

Basically, the crack is formed due to the aggregation of vacancies in the GB region during the
deformation of present models, and then the Fe with atomic volume greater than 16 Å3 (this is the
biggest atomic volume in the model without He before loading) is selected to track the generation and
growth of crack. The evolution process of the He- and Fe-clusters’ dependence on strain is shown
in Figure 8 where the single He and selected Fe atoms are filtered out for clarity. The red arrow
in Figure 8 labels the crack shown in Figure 7, and the viewpoint and size of the picture panels are
same. If the size of cluster formed from the selected Fe atoms meets a certain scales during loading,
it means the crack is opened. It is observed in Figure 8 that the neighboring clusters of He and selected
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Fe labeled by the oval is gradually linking up and forming bigger cluster or crack [1,4] with increasing
deformation of the model. The size of the crack or clusters of selected Fe is less in the model without
He than in the model with He. The crack generation sources (and the crack sizes) are more (and larger)
in the model with GB He than in the model with BCC He or uniform He for the given He concentration.
This shows that He atoms introduced in nanocrystalline BCC-Fe can facilitate the crack formation and
growth, consistent with previous results by others [2,6,17].

(a) Without He at 6∼7.5% strain

(b) With BCC He at 5.5∼7% strain

(c) With Uniform He at 5.5∼7% strain

(d) With GB He at 5∼6.5% strain

Figure 8. The evolution process of crack in model (a) without He at 6∼7.5% strain; (b) with 0.5% BCC
He at 5.5∼7% strain; (c) with 0.5% uniform He at 5.5∼7% strain; (d) with 0.5% GB He at 5∼6.5% strain.

Figure 9 shows the size of the biggest cluster which is formed from the selected Fe and He during
the deformation of models where the magenta arrow represents the strain at which the normal stress
reached the maximum value. It is observed in Figure 9 that there is a cluster formed by the selected Fe
atom in the model with 3% GB He before the tensile stress is loaded. Suppose that there is about 20% of
the doped He in the GB region for the model with uniform He. It is shown in Figures 8 and 9 that the
size of the cluster grows bigger and the number of selected Fe in the cluster gets larger with increasing
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fraction of GB He in the deformation of models. These results indicate that the failure of tensile
property is promoted by GB He which trends to form He cluster and benefit the crack generation.
Additionally, the ratio of He to vacancy also can affect the generation and growth of crack [17].

Figure 9. The size of the largest cluster at different He concentration during the deformation of models.
The height of bar represents the size of the cluster, consisting of He (red) and Fe (black).

4. Discussion and Analysis

4.1. The Simulated XRD Patterns of Nanocrystalline Model during Loading

The failure of tensile strength shown in Figures 6 and 7 was induced by the change of
nanocrystalline structure (shown in Figures 3 and 4) which was modified by the introduction of
He. It was indicated in Figures 8 and 9 that the degradation of mechanical property was mainly
affected by the GB He. In order to further interpret the effect of GB He, uniform He and BCC He on the
mechanical property of nanocrystalline BCC-Fe under a uniaxial tensile load, the connection between
the strain–stress curves and the corresponding change of microstructure are discussed with the help of
the simulated XRD patterns.

Figure 10a shows a set of simulated XRD patterns during the deformation of model without He.
As the increase of deformation, the {110} peak in the model shifts to left till reaching the maximum
movement at ∼8% strain, and then moves back gradually. The lattice constant of nanocrystalline model
are obtained by a set of the simulated XRD patterns and plotted as a function of strain in Figure 10b.
It is observed in Figures 6a and 10b that the variation of lattice constant is same as that of normal stress
with the increase of deformation. So there are some connections between the generation of crack and
the expansion of lattice constant.

32



Materials 2019, 12, 91

Figure 10. (a) Simulated XRD patterns of pure nanocrystalline BCC-Fe at the strain range from 0% to
10%. (b) The lattice constant of models under the tensile stresses are plotted as a function of strain.

The degradation of mechanical properties without the effect of He is analyzed firstly. It is observed
in Figure 10 (see XRD patterns and the black square) and Figure 6a (see black solid line) that the more
variation of the lattice constant is obtained by XRD patterns, the bigger tensile stress is loaded the
deformation of the model. The variation of lattice constant is caused by the deformation of single grain
whose shape is changed in turn during the loading process of nanocrystalline models. As is shown in
Figure 10b (see the black square) and Figure 6a (see black solid line), the decrease of average lattice
constant of single grains begins at the maximum loading. However, the crack is generated before the
maximum loading is reached (see Figure 7), so there would be a recovery of lattice constant in the
grain around this crack. That is to say, the dominant role is acted by the increase of lattice constant
before the maximum loading and by the decrease of that after the maximum loading. Therefore the
recovery of lattice constant indicates the generation of crack, which starts to appear at GB region while
the ultimate strength of the GB is reached. Generally, the smaller ultimate strength of GB means the
lower tensile stress needed for the generation of crack.

The role of He played in nanocrystalline model is discussed secondly. It is observed in Figure 10b
that the maximum lattice constant is decrease with the increasing concentration of GB He or uniform
He, and is changed slightly in the models with BCC He. It is clearly indicated that the maximum lattice
constant is variated with the distribution and concentration of He doped in the models. The uniform
He have a combination effect of GB He and BCC He on the microstructure of present models during
loading. So the role of BCC He and GB He on the expansion of lattice constant and the strength of GB
are analyzed as follows respectively.

1. BCC He. It is not difficult to understand that the number of BCC Fe atom per unit volume is
reduced in grain interior region due to the BCC He is doped into the nanocrystalline models.
Suppose that the lattice is a bunch of springs, which can be broken because of the existence of
substitution He. The length of this bunch of springs may need to extend more to balance the given
tensile stress if some of the springs are broken before loading. So the maximum lattice constant
of model with the concentration of BCC He at 0.5% or 1% is changed slightly comparing that
of the model without He. It is also observed that the maximum lattice constant is lower in the
model without He than in the model with 3% BCC He (Figure 10), although the tensile strength
of the former is stronger than that of the latter (Figure 6b). It is implied that the expansion of
lattice constant is unsaturated when the ultimate strength of GB is reached in the model without
He. Then the maximum lattice constant during loading is determined by the number of BCC Fe
atom per unit volume if there is only BCC He in the model. The maximum of tensile stress in the
models with BCC He is reduced because the GB strength is weakened by He or He clusters, which
trapped by GB region during energy minimization (see Figure 2) or deformation of the models.

2. GB He. The maximum lattice constant of the models with GB He and the ultimate strength of
GB decrease with the increasing concentration of GB He, because the ultimate strength of GB
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is weakened by GB He and the expansion lattice constant is limited correspondingly. Thus, it
is deduced in Figure 10b that the failure of mechanical property is caused due to the ultimate
strength GB is reached. It implied that the expansion of lattice constant is governed by the strength
of GB while the GB He is introduced in the nanocrystalline models.

According to the above analyses, it is concluded that (1) the tensile strength of nanocrystalline
model is mainly determined by the GB strength, which is weakened by He distributed at GB region;
(2) the number of BCC Fe atom per unit volume is reduced by He distributed at grain interior region.

4.2. The Volume Expansion of Nanocrystalline Model during Loading

The atomic volume of Fe defined as the volume of Voronoi cell for lattice site is changed with
the separation of atoms in the models. The work must be done against the atomic interactions to
change the distance between atoms in the system. So there is a link between the work done by tensile
stress and the swelling of atomic volume of Fe during the deformation of models. In the following
discussion, the expansion of atomic volume is considered as a process of energy absorption in the
system, or as the result of work done by the stress loaded on the Fe atom. For example, the expansion
of atomic volume (see Figure 3a) contributed by Fe is more, the potential energy is larger in the system.
The expansion of atomic volume (Figure 3a) means that some certain stresses have been loaded on
the models with He before loading. That is to say, the introduction of He in the nanocrystalline Fe is
equivalent to doing work on this model. Based on the above description, the swelling and the average
of atomic volume are calculated respectively to clearly describe the effect of GB He and BCC He on the
present models during loading.

The swelling rate of present models during loading shown in Figure 11a is contributed by
the expansion of atomic volume of Fe. Figure 11a shows that the swelling rate as the function of
strain follows the same trend as the tensile stress while the distribution of He is unchanged, and the
maximum swelling is reached when the maximum normal stress is loaded on the nanocrystalline
models. The average atomic volume of Fe in the models is divided into two parts, GB region and BCC
region. The variation of atomic volume as a function of strain in those regions is marked by red arrow
as is shown in Figure 11b. It is observed in Figure 11b that the average atomic volume of Fe is lower in
BCC region than in GB region for the model without He. It is obvious that the crack has generated in
GB region after the maximum volume of Fe is reached in BCC region or GB region. It is illustrated
in Figure 11b that the GB region is a weaker area when compared with BCC region due to the ultimate
strength of GB is reached earlier than that of BCC region during the loading process. So the tensile
strength of nanocrystalline BCC-Fe doped without He is controlled by the GB strength. This point is
agreed with the conclusion in Section 4.1

Figure 11. (a) Swelling rate contributed by Fe, and (b) average atomic volume of Fe in BCC and GB
region. Atomic volume of Fe which surround the crack is set as 16 Å3, in order to deduct the space
took up by the crack.
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It is observed in Figure 11b that the difference value of the maximum atomic volume between
the GB region and the BCC region get larger with the increase fraction of He distributed in GB region
when the He concentration is unchanged. It is implied that the concentration of stress in GB region is
enhanced by the He distributed at GB region during the deformation of these models. So the failure
of mechanic property of the present models can be concluded as following: (1) the crack generation
is not started until the ultimate volume of single Fe is reached for the model without He; (2) the
average of atomic volume of GB Fe is affected by GB He, and that of BCC Fe is affected by BCC
He; (3) The maximum swelling rate of the atomic volume during loading is mainly limited by the
expansion of atomic volume of GB Fe. From the perspective in this section, it is easy to find that
the change of lattice constant and the atomic volume during loading contribute to understand the
degradation of mechanical property in the nanocrystalline models without He or with He.

Based on the analysis above and the previous studies[5–7,17], we conclude that the introduction
of He in GB region is a fatal factor for degradation of tensile property in nanocrystalline BCC-Fe
comparing with that in BCC region [4]. On condition that the He concentration in models remains
unchanged, then the more fraction of He is distributed in the GB region, the more severe degradation of
mechanical property is occurred. The mechanical property of nanocrystalline BCC-Fe will be improved
if the weaker one of GB and BCC region is strengthened, and the degradation of tensile property will
be reduced if the radiation damage on the weaker one is avoided or decreased.

5. Conclusions

In summary, He effects on generation and growth of cracks in nanocrystalline BCC-Fe are
studied in the present work. The modification of microstructure caused by the He distributed in
the nanocrystalline is analyzed by the change of simulated XRD patterns and the atomic volume.
For the nanocrystalline BCC Fe with the average grain size of 8.28 ± 0.32 nm, the following conclusions
are obtained:

1. The swelling of the model with He is contributed by doped He, disordered Fe and BCC Fe; the He
distributed uniformly in nanocrystalline structure causes more expansion of lattice constant than
that distributed at grain boundary (GB) structure; the total swelling rate induced by uniform He
is lower than that induced by GB He.

2. The tensile strength of nanocrystalline BCC-Fe is reduced after the introduction of He;
the strain–stress curve shows He concentration and distribution dependence; the crack generation
and growth are observed in the GB region during loading.

3. The tensile strength is affected by the strength of GB which is mainly weakened by He distributed
at GB region; the change of lattice constant and the atomic volume during loading should
contribute to understand the degradation of mechanical property in the nanocrystalline models.

4. The mechanical property of nanocrystalline BCC-Fe under an irradiation environment would be
improved by enhancing the GB strength or reducing He concentration in GB region.
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Abbreviations

The following abbreviations are used in this manuscript:

BBC Body-centered cubic
XRD X-ray Diffraction
GB Grain boundary
ACNA Adaptive common neighbor analysis
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Abstract: Helium (He) bubbles are typical radiation defects in structural materials in nuclear reactors
after high dose energetic particle irradiation. In the past decades, extensive studies have been
conducted to explore the dynamic evolution of He bubbles under various conditions and to investigate
He-induced hardening and embrittlement. In this review, we summarize the current understanding
of the behavior of He bubbles in metals; overview the mechanisms of He bubble nucleation, growth,
and coarsening; introduce the latest methods of He control by using interfaces in nanocrystalline
metals and metallic multilayers; analyze the effects of He bubbles on strength and ductility of metals;
and point out some remaining questions related to He bubbles that are crucial for design of advanced
radiation-tolerant materials.

Keywords: helium bubbles; bubble evolution; interfaces; radiation hardening; helium embrittlement

1. Introduction

Nuclear energy is playing an increasingly important role because fossil fuels are gradually running
out. Nuclear energy currently provides about 13% of electrical power worldwide [1]. However,
materials deployed in fission, spallation and fusion systems suffer from intense high-energy neutron
radiation [1]. Continuous collision cascades produce massive vacancy clusters and interstitials in
nuclear component materials, which promotes formation of various defects, such as dislocation
loops [2,3], voids [4,5], stacking fault tetrahedral (SFT) [6,7] and so on. In addition, (n, α) reactions
produce abundant helium (He) atoms in materials. As He has extremely low solubility in metals,
it tends to accumulate and precipitate into nanoscale He bubbles in nuclear structure materials [8–14].
Figure 1 shows typical examples of transmission electron microscope (TEM) images of He bubbles
formed in Al [10], tungsten [11] and Zr [12–14] after He+ ion irradiation.

Figure 1. Dense He bubbles after He irradiation in: (a) Al [10]; (b) tungsten [11]; and (c) Zr [12].
Reprinted with permission from [10]; Copyright 2015 Elsevier; Reprinted with permission from [11];
Copyright 2000 Elsevier; Reprinted with permission from [12]; Copyright 2017 Elsevier.

A comprehensive understanding on the dynamic evolution of He bubbles and their effects on
mechanical properties of nuclear structure materials over the lifetime remains as one of the key issues
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in nuclear industry. He bubbles are found to drastically deteriorate mechanical properties of metals,
manifested as swelling [15,16], blistering [17] and embrittlement at high temperature [18,19]. Among
these degraded properties, He-induced embrittlement has attracted particular attention since it causes
catastrophic fracture in metals, particularly at high temperature [18,19]. It has been well demonstrated
that even extremely low overall He concentration can lead to He embrittlement via formation of He
bubbles along grain boundaries (GBs) [18,19]. In view of this, several decades of investigations have
been conducted to unveil He behaviors and underlying mechanisms for He-induced degradation
in metals [8–24]. Both experiments and atomic simulations are adopted to investigate He bubble
formation, dynamic evolution and their effects on mechanical properties of metals.

In this review, we briefly summarize previous studies on He bubbles in metals. Section 2 reviews
research on He bubble nucleation, growth and coarsening. Section 3 summarizes He bubble behaviors
in nanocrystalline metals and metallic multilayers and emphasizes the important role of interfaces.
Section 4 overviews the He-induced hardening in single-phase metals and metallic multilayers. Finally,
we summarize the main results and discuss the critical questions remained.

2. Helium Bubble Nucleation, Growth and Coarsening

As mentioned above, due to their extremely low solubility, He atoms tend to agglomerate into
He bubbles in metals. A comprehensive understanding on bubble nucleation, growth and coarsening
is crucial to evaluate the role of bubbles in metals. The formation of He bubbles can be divided
into homogeneous or heterogeneous nucleation. In this section, we focus on the mechanism of
homogeneous bubble nucleation. In general, bubble nucleation, growth and coarsening are controlled
by the concurrent operation (including diffusion, clustering, dissociation and recombination, etc.) of
He atoms, vacancies and interstitials. However, limited spatial resolution and temporary resolution
of various instruments hinder the direct real-time atomic-scale observation of bubble formation,
which prevents unveiling the mechanisms underlying bubble nucleation, growth and coarsening.
Studies on this issue using computer simulation methods [25–38] have been conducted in past decades.
Because steels are widely used as nuclear reactor components and tungsten is regarded as the main
candidate material for plasma facing materials (PFM) in future fusion reactors, profuse studies are
focused on behaviors of He atoms, vacancies and interstitials in Fe and tungsten [25–38]. Generally,
body-centered-cubic (BCC) metals have attracted more attention due to their better radiation resistance
than face-centered-cubic (FCC) metals.

2.1. He–V Clusters

Rimmer and Cottrell [39] investigated He behaviors in metals and demonstrated that He
accumulation can be ascribed to two reasons: first, the interstitial He has low migration energy
in metals; and, second, the substitutional He is easily trapped at vacancies because of their high
binding energy. Several studies [29,34,37,40–42] point out that interstitial He is energetically favorable
to occupy the tetrahedral interstitial site (TIS) with low formation energy in BCC metals. Becquart [41]
evaluated the formation energies of interstitial He in tungsten using ab initial calculations and found
that the formation energies of interstitial He at TIS is 6.18 eV, which is slightly lower than that in
octahedral interstitial sites (6.40 eV). Other studies [42–45] propose a similar trend that TISs are
preferable He traps. Notably, due to the low migration energy [27,31], interstitial He in tetrahedral
sites and small He clusters (mainly He2) tend to diffuse easily in metals. These isolated He and small
He clusters are easily trapped by vacancies and form a sphere-like configuration of He–V clusters with
low mobility [25–44]. Consequently, He–V clusters deliver high binding energy, performing as sinks
for interstitial He and small He clusters and giving rise to He bubble nucleation in metals [43–47].
Figure 2a schematically illustrates an isolated He–V cluster containing four He atoms in Fe, which can
be regarded as embryo of He bubble [27]. Fu et al. [48] showed that small He–V clusters (up to four
helium atoms) will lead to bubble nucleation in initial vacancy-free lattices. The binding energy for
additional He atoms to combine with He–V cluster in Fe is plotted in Figure 2b [43–47]. The binding
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energy of an interstitial He to He–V clusters is initially high, then it decreases sharply with increasing
He atoms, and keeps almost constant with a value of about 1.3 eV with further increasing He atoms.
It should be noted that the binding energy reaches a local peak value with six He atoms in He–V cluster,
and an additional He induces significant reduction in binding energy. He–V clusters containing six
He deliver compact octahedral shape with He located at corners and the vacancy at the center [44].
An extra He will trigger the kick-out of Fe around the cluster, leading to reduced binding energy [44].
The kick-out mechanism is discussed below. Finally, as shown in Figure 2c, the matrix in molecular
dynamics (MD) simulations is quenched to 0 K, followed by annealing at 800 K for 1.2 ns, and then a
few He–V clusters are formed in Fe containing 685 appm He [27].

 

Figure 2. (a) Schematic illustration of He–V cluster in Fe [27]; (b) the dependence of binding energy
of interstitial He to He–V cluster on the number of He atom in He–V cluster [43–47]; and (c) He
clusters and other defect distribution in Fe containing 125 He atoms. The inserted image is the
detailed arrangements of a He-interstitial cluster [27]. Reprinted with permission from [27]; Copyright
2013 Elsevier.

2.2. Kick-Out Mechanism

With gradual accumulation of He in He–V clusters, the pressure induced by He–V clusters on
surrounding lattice will increase significantly, and then the matrix atoms surrounding He–V clusters
will be pushed out due to the high pressure, producing self-interstitial atoms (SIA) and vacancies
(SIA-V pairs). That is how He–V clusters lead to kick-out of matrix atom and formation of Frenkel
pairs. By investigating the dependence of the binding energy of He atoms, vacancies and interstitials
on He density (defined as He/V ratio) in He–V clusters using MD simulations, Morishita et al. [25]
described the kick-out mechanism quantitatively in Fe. For He–V clusters with He density ranging
0–6, the binding energy of He atoms and SIAs to He–V clusters decreases with increasing He density,
while the binding energy of vacancies increases with increasing of He density. For regime with He
density >6, however, the binding energy of He atoms, interstitials and vacancies turns into a contrary
trend in comparison with low He density regime [25]. This conspicuous transition should be ascribed
to the kick-out of matrix Fe atom induced by high He density in He–V clusters. When He density is
>6 in Fe, He atoms exhibit close-packed configurations and exert pressure large enough to produce
Frenkel pairs. The kick-out mechanism creates additional vacancies and interstitials, lowering He
density in He–V clusters. As shown in Figure 3 [25], the binding energy of He atoms to He–V clusters
with low He density is quite high, which indicates that He–V clusters with low He density are strong
sinks for He atoms. Therefore, the kick-out mechanism significantly enhances He bubble nucleation
and growth.
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Figure 3. The variation of binding energies of a vacancy, an interstitial He atom and a SIA to He–V
cluster with different He density in Fe. Reprinted with permission from [25]; Copyright 2003 Elsevier.

Sandoval et al. [33] investigated He bubble nucleation and growth accompanied by kick-out
mechanism in detail. Figure 4 schematically illustrates the process of He bubble nucleation and
growth accompanied by formation of Frenkel pairs in tungsten. The gray, red and blue spheres
represents He atoms, interstitials and vacancies, respectively. In addition, green spheres indicate the
deformed tungsten lattice around interstitials. At the very beginning, a cluster containing 8 He atoms
is deliberately placed at the center of a tungsten sphere containing 23,538 tungsten atoms. He atoms
are implanted at a constant rate (1 × 1019 He/s) at 1000 K, which is slow enough to allow the inserted
He clusters to diffuse in tungsten matrix and interact with the pre-existing central He bubble [33].
As shown in Figure 4a, the inserted He atoms attach to the pre-existing He cluster, leading to the
formation of Frenkel pair and creating a He9V cluster. Another Frenkel pair is created with further
inserting He atoms in tungsten, as shown in Figure 4b. Notably, two interstitials diffuse around He–V
cluster in a coordinated way, staying in two adjacent <111> rows, which is consistent with interstitials
arrangement in Fe [27]. Gao et al. [31] proposed that, before forming crowdion along <111> direction,
interstitials may create stable configurations with the formation of a <110> dumbbell in Fe, which
is consistent with Xiao’s work [37]. In addition, a transition from <100> interstitial cluster to <111>
interstitial cluster is identified in tungsten [29,49]. This process is energetically favorable with an
energy release of 1.12 eV, indicating that the <111> SIAs cluster is more stable. However, similar
orientation transition is not observed in Figure 4. With further He insertion, more Frenkel pairs are
created around the central He–V cluster, as shown in Figure 4c,d. Notably, the orientation of SIAs at
this stage is kept constant during the following simulation timescales. In addition, the interaction of
inserted He atoms with interstitial configurations can be identified clearly. These inserted He atoms
can be trapped by interstitials. At 1000 K, these new He atoms attached to interstitials are mobile and
can diffuse along interstitial configurations or jump to the He–V cluster. With further increasing of
He concentration, new He cluster containing three He atoms is formed near the central He–V cluster,
as shown in Figure 4e. A new He cluster can further trigger the formation of Frenkel pairs and act
as an embryo for new He bubbles, as shown in Figure 4f,g. These He–V clusters further trap the
subsequently inserted He, producing more Frenkel pairs and forming He bubbles in tungsten matrix.
Finally, SIAs detach from the initial He bubbles and three helium bubbles are nucleated in the matrix.
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Figure 4. The evolution process of a bubble network at 1000 K with an insertion rate of 1 × 109 He/s in
tungsten. (a) Formation of the first Frenkel pair and He9V1 cluster; (b) Another Frenkel pair is formed
with further inserted of He atoms with two interstitials staying in two adjacent <111> rows; (c,d) More
Frenkel pairs are created around the central He–V cluster; (e) New He cluster containing three He
atoms is formed; (f,g) He clusters promote Frenkel pairs formation. (h) He bubbles in the matrix. Gray,
red and blue dots represent He atoms, tungsten interstitials and vacancies, respectively. Reprinted with
permission from [33]; Copyright 2018 Elsevier.

The number of He atoms in He clusters needed to create Frenkel pairs has been evaluated using
MD simulations and first principle calculations under various conditions. The minimum number of
He atoms needed to create Frenkel pairs in Fe is slightly different, which may be attributed to various
simulation conditions. For instance, when the Fe matrix is fully dense and without vacancy, three He
atoms are believed to be enough to push out matrix Fe atoms [31]. If there are pre-existing vacancies in
the simulation box, six He atoms are needed to create Frenkel pairs [25]. The pre-existing vacancies
may release the pressure of He clusters, and more He atoms are required to create Frenkel pairs.

2.3. Dislocation Loop Punching Mechanism

In Section 2.2, we summarize studies on kick-out mechanism that is commonly observed in
He-containing metals. These SIAs pushed out by high pressure He bubbles deliver limited mobility
and form crowdion structure around He bubbles. The crowdion structure is observed to be temporarily
trapped by He bubbles once formed [31–34,37,48,49]. Notably, the crowdion structure usually
exhibits an energetically favorable orientation along <111> direction in BCC metals [27,29,31,37,49].
With further increasing He concentration, SIAs accumulate continuously around He bubbles, giving
rise to the formation and emission of dislocation loops. This well-known growing mechanism of He
bubble, named as dislocation loop punching, is widely identified in various metals [27,29,49–56].

Xie and coworkers [49] performed MD simulations to investigate the loop-punching mechanism
for He bubble growth in tungsten at 300 K. Figure 5 illustrates the loop-punching process in He bubble
with an initial radius of 0.15 nm (containing 1 He atom). From 0.02 to 0.11 ns, He bubble grows
homogeneously without emitting defects. With increasing time, He accumulates continuously in He
bubble and SIAs are pushed out due to increasing pressure. These SIAs form crowdion configurations
along <100> direction, as labeled in Figure 5c,d. In BCC metals, the <100> orientation crowdion
configuration is not stable due to its slightly high energy [5,29,49]. At 0.32 ns, the <100> orientation
crowdion configuration reorientates to a more stable <111> orientation, thus releasing the high
energy of the configuration [49]. A transition from <100> direction to <111> direction of crowdion
configuration is also identified in tungsten recently [29]. The <111> crowdion configuration further
absorbs subsequent SIAs and evolves into a prismatic loop at 0.37 ns [49]. Finally, the well-developed
prismatic loop dissociates from the He bubble and slips away, leaving a larger He bubble (about 0.55 nm)
behind. In addition to the conventional loop-punching mechanism, Xie et al. [49] also proposed a new
loop-punching mechanism for He bubble with larger initial radius in tungsten. They demonstrated
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that, for larger He bubbles, the prismatic loop is formed after two screw components cross-slip on the
opposite directions. Finally, a dislocation network formed via dislocation interactions surrounds He
bubbles (details are shown in Reference [49]).

The kick-out of matrix atoms plays a role of precursor for dislocation loop punching [27,29,49–55].
SIAs are pushed out first and rearrange their orientations to form dislocation loops. Generally, bubble
growth is accompanied by large dislocation loop formation and punching [49–55]. It is reported that
pushing out SIAs and reorientation of SIA cluster can release the high pressure of He bubbles [49].
Dislocation loop punching can only be triggered above certain critical He pressure and also releases
He bubble pressure, but less work is conducted on the effect of large loops on He bubbles.

Figure 5. The evolution of He bubble with an initial radius of 0.15 nm. The color from blue to red
qualitatively designates the distance from the present atomic site to the center of the He bubble.
(a,b) Homogeneous bubble nucleation and growth; (c,d) self-interstitial tungsten atoms emit from
matrix and then attach to the bubble surface; (e–g) self-interstitial tungsten atoms evolve into a prismatic
dislocation loop and then dissociate from the bubble; and (h) the atomic structure of the self-interstitial
atom cluster. Reprinted with permission from [49]; Copyright 2017 Elsevier.

2.4. Bubble Coarsening

Bubble coarsening is commonly observed when metals are annealed at a certain temperature that
is higher than the temperature at which bubble nucleation and growth proceed [56–59]. With constant
He dose, bubble coarsening inevitably leads to increased average bubble size and reduced bubble
number density [56–59]. Marochov et al. [57] conducted thermal treatment on nickel (Ni) after they
implanted He at a dose of 1 × 1017 ions/cm3. Figure 6 shows He bubble in irradiated Ni annealed at
750 ◦C for 2, 12, 20 and 100 h, respectively [57]. By comparing bubble morphologies in Figure 6, it is
evident that the average bubble size increases obviously with increasing of annealing time, indicating
significant bubble coarsening under annealing [57].
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Figure 6. He bubbles in Ni implanted with 1 × 1017 ions cm−2 at 500 keV, annealed at 750 ◦C for:
(a) 2 h; (b) 12 h; (c) 20 h; and (d) 100 h. He bubbles size increases with increasing annealing time.
Reprinted with permission from [57]; Copyright 1987 Elsevier.

Generally, two typical mechanisms, bubble migration and coalescence (BMC) and Ostwald
ripening (OR), are proposed for bubble coarsening under annealing [56–61]. BMC mechanism mainly
depends on the rearrangement of bubble surface through diffusion of internal surface atom [58,59].
Marochov et al. [57] found that small bubbles are preserved for a long time in irradiated Ni under
annealing. This seems to be counterintuitive as small bubbles are believed to deliver relatively high
mobility. This phenomenon can be rationalized with bubble pressure. Small bubbles usually exhibit
high equilibrium pressure due to the high He/V ratio in bubbles [28,57]. The high equilibrium
pressure significantly suppresses the diffusion of internal surface atom, which reduces the mobility of
small bubbles [57]. More vacancies are required for small bubbles before they coarsen through BMC.
In addition, large bubbles develop energetically favorable facets and the mobility is controlled by ledge
nucleation [57]. OR mechanism is driven by different equilibrium pressure of bubbles with different
sizes [60,61]. This process is controlled by thermally activated dissociation of He–V from one bubble
and recombination of He/V to another bubble [56,60,61]. Generally, He–V tends to dissolute from
small bubbles and then recombines with large bubbles, leading to shrinkage or even disappearance of
small bubbles and coarsening of large bubbles. Obviously, the activation energy for OR mechanism is
determined by the energy for dissociation of He–V from bubbles, which is much higher than that for
MC mechanism [56]. Therefore, temperature is believed to play a key role in determining the bubble
coarsening mechanism under annealing.

Other studies demonstrated that microstructural characteristics (i.e., alloying elements, precipitates,
defects etc.) may exert non-negligible effects on bubble behaviors, leading to different bubble coarsening
mechanisms. Ono et al. [62] observed bubble migration and coalescence in He-irradiated Fe under 750 ◦C
annealing treatment, while bubbles in Fe-9Cr show much lower mobility. In addition, Roldán et al. [63]
conducted post-irradiation annealing experiments on He-irradiated two reduced activation ferritic
martensitic steels (EU-ODS EUROFER and EUROFER97). Both steels contain complex microstructures
that serve as barriers for bubbles. Large He bubbles are formed in EU-ODS EUROFER, while
high-density small He bubbles are observed in EUROFER97. They proposed that different He bubble
morphologies in samples should be attributed to different microstructures. Neither OR nor BMC fits
perfectly with bubble coarsening under annealing treatment in their samples. These studies indicate
that microstructures also significantly influence bubble coarsening mechanism.

3. Helium Bubble in Nanocrystalline Metals and Metallic Multilayers

In the preceding section, we overview He bubbles nucleation, growth and coarsening in the
interior of grains. Interfaces, mainly GBs and heterophase interfaces (bi-metal interfaces), have
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attracted tremendous interests in the past decades [64–112]. Two reasons are responsible for the
tremendous research interest of interfaces. Firstly, He bubbles at GBs are most harmful due to their
tendency of coalescence under stress or at elevated temperature. In addition, a transition from
bubble to void is widely identified in metals containing bubbles [64–67]. At certain temperature,
bubbles larger than a critical size evolve into voids by absorbing vacancies quickly [64–67]. For GB
He bubbles, this transition is particularly deleterious and always lead to high temperature helium
embrittlement in metals [67]. More details are discussed in Section 5. Secondly, GBs and heterophase
interfaces are sinks for radiation-induced defects, which are usually used to design radiation tolerant
materials [64,68,69]. Serving as efficient sinks for radiation defects, interfaces can mitigate and recover
various defects produced in metals after high displacement damage [68,69]. Singh [70] found that
austenitic stainless steel (SS) exhibits enhanced radiation tolerance with reducing grain sizes as GBs
serve as sinks for radiation defects. Similarly, Zhang et al. [23] reported that He bubble size and
density all decrease with increasing interface density in He irradiated Cu/V multilayers. Using three
atomistic simulation methods, Bai et al. [68] proposed a novel “loading-unloading” mechanism
to rationalize the strong sink effect of GBs in Cu. They recognized that interstitials are loaded
into GBs under irradiation and then are emitted to annihilate vacancies in bulk [68]. Ackland [69]
pointed out that the “loading-unloading” mechanism is general and may also work at heterophase
interfaces. Therefore, GBs and heterophase interfaces are introduced into metals deliberately to enhance
radiation tolerance [64]. Generally, nanocrystalline (NC) metals have higher radiation resistance than
their coarse-grained (CG) counterparts, and nanolaminates show enhanced radiation tolerance than
their bulk single-phase counterparts. In this section, we introduce the influence of interface on He
bubbles agglomeration in metals. A fundamental understanding on bubble–interface interactions is
crucial for managing He bubbles, mitigating He-induced degradation of interface and designing of
radiation-tolerant metals.

3.1. Helium Bubbles in Nanocrystalline Metals

GBs, as common defects in polycrystalline metals, have sharply different atomistic structures
from that of interior of grains. Sun et al. [71] performed in situ Kr irradiation on both CG and NC
Ni and found that high-density GBs in NC Ni significantly reduce density and size of irradiation
induced defects. Similarly, some other investigations [72,73] confirm that NC metals deliver enhanced
radiation resistance compared with CG counterparts. Both experiments [74–76] and simulations [77–79]
report that He atoms tend to segregate to GBs and form He clusters/bubbles along GBs. Due to
the sink effect of GB [79], this process is activated under irradiation and post-annealing at various
temperatures [74–79]. A vivid example for He precipitation along GBs is shown in austenitic steel
(Figure 7) [74]. Notably, He bubbles formed along GB are larger than bubbles located in the interior
of grains. As marked by arrows in Figure 7, bubble-denuded zone (BDZ), with a width of tens of
nanometers, is observed on both sides of GB [74]. BDZs, similar to void-denuded zones in Cu [80,81],
indicate that GB may absorbs adjacent He and vacancies and produces poor-He zones on both sides.
Similarly, approximately 10 nm-wide BDZs are identified in He-implanted ferritic alloy [75]. Taking
Fe as model material, Kurtz et al. [79] evaluated the trapping efficiency of He at substitutional and
interstitial sites in and near GBs. They found that interstitial He atom was strongly binding to
GB core with an energy of 0.5–2.7 eV [79]. Surprisingly, even at 0 K, GBs still serve as activated
He sinks and deliver a He capture radius ranges from 0.3 to 0.7 nm [79]. Considering the high
mobility of He atoms in metals [27,31,64], the effective capture radius of GBs may be 1–2 orders of
magnitude higher than that of calculated here. This indicates that the effective capture radius may
reach several nanometers, even tens of nanometers. This simulation rationalizes the formation of
BDZs in He irradiated austenitic steel [74] and ferritic alloys [75]. Series of complex factors, including
intrinsic factors (matrix, GB misorientations [79,80], GB energies [80], etc.) and extrinsic factors
(temperature [82], He concentration [64], etc.), are supposed to exert a non-negligible effect on BDZs
formation and evolution.
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Figure 7. Large He bubbles along GB in He irradiated austenitic steel. As indicated by arrows,
BDZs with width of tens of nanometers distribute symmetrically on both sides of GB. Reprinted with
permission from [74]; Copyright 1983 Informa UK Limited.

Many studies [82–85] are performed to unveil the dependence of radiation tolerance on grain size
and explore the underlying mechanisms on both CG metals and NC metals. Due to their huge disparity
in the ratio of GB area to total volume, CG metals and NC metals irradiated by He at the same condition
deliver quite different bubble morphologies and distributions [82–85]. For He irradiation, the enhanced
radiation tolerance in NC metals is usually manifested as small and low-density bubbles [82–85].
A representative example for He precipitation in NC Mo and CG Mo is shown in Figure 8 [83]. In NC
Mo with an average grain size of 44 nm, small and sparse bubbles are formed after He irradiation
(Figure 8a). The average bubble size is about 0.6 nm. The CG Mo are decorated with dense bubbles
with an average size of about 1.2 nm. This finding is also confirmed in NC Fe and CG Fe. Yu et al. [84]
proposed that smaller and lower-density bubbles in NC metals should be attributed to the depletion
of vacancies from grain interior induced by high-density GBs. As mentioned above, Bai et al. [68]
reported that GBs can capture interstitials under irradiation, and then play a role of interstitial emitter
and fire interstitials back into the lattice to recombine with vacancies that stay within a few nanometers
to GBs (recombination area). NC metals possess a rather high ratio of GB area to total volume, which
means many traps for interstitials are produced in collision cascade. More importantly, with reducing
grain size, the ratio of width of recombination area to grain size will generally reach 1, which indicates
that the overall vacancies in the interior of grains have a great chance to recombine with interstitials
emitted by GBs, leading to the low concentration of vacancies [68,84]. The depletion of vacancies gives
rise to smaller and lower-density of He bubbles in NC grains.

 

Figure 8. He bubbles induced by He irradiation in: NC Mo (a); and CG Mo (b) [83]. Small He bubbles
with an average size of 0.6 nm are observed in NC Mo, while large He bubbles with an average size of
1.2 nm are identified in CG Mo. Reprinted with permission from [83]; Copyright 2016 Elsevier.
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Bullough et al. [86] evaluated the dependence of sink strength on grain size. Using the cellular
model, they concluded that the sink strength for GB can be describe as

kgb
2 = 15/R2 (1)

where kgb
2 is the GB sink strength and R is grain size. The cellular model focuses on a single spherical

isolated grain without identified surrounding medium and uses the average point defect concentration
within the grain. When the embedding model is used, the sink strength of GB can be calculated as

kgb
2 = 14.4/R2 (2)

where kgb
2 and R have the same meaning as in Equation (1). It is evident that sink strength of

GB predicted using both models delivers similar values. This result unveils the trend that the sink
strength increases as the grain size decreases. However, it should be noted that there are some limits
for these two formulas, although they predict the dependence of sink strength on grain size [87].
Firstly, according to these formulas, the sink strength can become larger and larger as the grain size
decreases. This seems to be unreasonable [87]. Secondly, these formulas ignore the dependence of sink
strength on GB characters. For instance, high angle GBs (HAGBs) usually possess higher sink strength
compared to low angle GBs (LAGBs), as HAGBs deliver lower formation energy for interstitials and
vacancies [79,80,87]. Thirdly, the sink strength of GBs is reduced after absorbing tremendous point
defects [87]. In addition, grain growth in NC metals is also inevitable under irradiation, especially at
high temperature [113]. Considering these issues listed above, an alterable factor that determined by
GB energy (γ) and GB orientation (θ) should be involved. The sink strength of GB can be calculated
using a modified formula [87]

kgb
2 = 15 f (θ,γ)/R2 (3)

Generally, the f (θ,γ) ranges from 0 to 1. Further effort is needed to investigate the dependence of
f (θ,γ) on GB energy (γ) and GB orientation (θ), which is out of the scope of this review.

3.2. Helium Bubbles in Metallic Multilayers

Tremendous studies [74–85] have demonstrated that NC metals deliver dramatically enhanced
radiation tolerance compared with their CG counterparts. However, NC metals are not widely adopted
as candidate structural materials in nuclear reactors that are subjected to a high level of irradiation
because of their thermal instability [113]. Generally, for NC metals containing grains with size of
about 10 nm, an arresting grain growth at room temperature or even below can be identified if the
equilibrium melting temperature is lower than about 873 K [113]. The temperature triggering grain
growth rises with increasing grain size and melting temperature, but is still not high enough compared
with that of real service environment.

Interface engineering is regarded as an important method to achieve high radiation resistance in
metals [88–112]. In fact, interface engineering shares the same fundamental principle with NC metals.
That is, in short, increasing the ratio of interface area to total volume enhances the radiation tolerance.
As interfaces serve as efficient defect sinks, recombination of irradiation-induced point defects, mainly
interstitials and vacancies, is promoted with increasing interface density, hence giving rise to enhanced
radiation tolerance [88–112]. Radiation resistant multilayers consisting of alternative nanoscale layers
are designed by introducing high-density heterophase interfaces and exhibit much better radiation
tolerance than either of its single-phase components [94,107,108]. The evolution of radiation defects,
including dislocation loops, He bubbles, voids etc., are dramatically suppressed by the high-density
of heterophase interfaces [88–112]. Yu et al. [111] provided in situ observation of the phenomenon
that heterophase interfaces capture and annihilate Kr irradiation-induced defect clusters in immiscible
Ag/Ni multilayers.
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Design of multilayers containing high-density heterophase interfaces to alleviate He irradiation
damage is based on the theory that interfaces can trap He and vacancies efficiently and provide
abundant nucleation sites for He bubbles [64]. Studies on He-irradiated multilayers demonstrated
that heterophase interfaces play a critical role in improving radiation tolerance. Li et al. [93]
characterized He bubble size and distribution in Cu and 5 nm Cu/Nb multilayers after 7 at.%
He irradiation. They found that the average bubble radius in Cu/Nb multilayers is about 0.5 nm,
which is much smaller than bubbles in Cu (1.35 nm). In addition, the bubble volume fraction in
Cu/Nb multilayers is only about 1.74%, while the bubble volume fraction in Cu reaches 5.77%.
Similarly, compared to Ag, He bubbles in 6 nm V/Ag multilayers are smaller in both size and volume
friction after He irradiation [105]. VDZs [80,81] and BDZs [108] are also identified in multilayers,
suggesting the critical role of heterophase interface in suppressing irradiation defects. In past decades,
there are many successful examples in the design of multilayers containing high-density heterophase
interfaces to achieve outstanding radiation tolerance and mechanical properties. These studies are
mainly dedicated to radiation behaviors in a series of multilayers, including Cu/Nb [80,88–97,112],
Cu/V [98–100], Cu/Mo [101], Cu/Co [102],Cu/W [103], Fe/W [104], V/Ag [105,106], Al/Nb [107],
Cu/Ag [108,109] and Ag/Ni [110,111]. Among them, semi-coherent immiscible FCC/BCC heterophase
interfaces [32,88–97,103,105–107] have been investigated both experimentally and theoretically, and
this review focuses on this system.

Different laboratory methods have been developed to manufacture multilayers with various
layer thickness, such as magnetron sputtering [92,93] and accumulated roll bonding (ARB) [80].
By tuning manufacture parameters, multilayers with various layer thickness can be obtained for
experimental investigations. Figure 9 schematically illustrates the manufactured Cu/Nb multilayers
by using ARB method [64,112]. The original bulk Cu and Nb plates are stacked together and then
processed by continuous rolling, and repeated cutting and stacking; as a result, Cu/Nb multilayers
with layer thickness ranging from millimeters to nanometers can be produced. Figure 9 [64,112]
shows typical layered microstructures formed in ARB Cu/Nb multilayers. The Cu/Nb interfaces
are planar and sharp. The controllable layer thickness makes it easy to tune the density of
heterophase interface, which provides an opportunity to evaluate the dependence of radiation
tolerance on the density of heterophase interface. Notably, novel interfaces are found in multilayers
processed using ARB. In ARB Cu/Nb multilayers, {112}FCC||{112}BCC and {110}FCC||{112}BCC

are two of the dominant interface orientations [64,112]. Contrary to ARB, FCC/BCC multilayers
synthesized using magnetron sputtering usually have similar interface orientation relationship (except
for V/Ag multilayers [90,105,106]). For instance, all heterophase interfaces in Cu/Nb magnetron
sputtered multilayers have the Kurdjumov–Sachs orientation relationship with interface plane of
{111}FCC||{110}BCC [89–97].

Figure 9. Multilayers manufactured using ARB with layer thickness ranging from millimeters to
nanometers. Reprinted with permission from [64]; Copyright 2015 Elsevier; Reprinted with permission
from [112]; Copyright 2013 Cambridge University Press.
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As mentioned above, He has extremely low solubility in metals. He atoms, once introduced into
metals, are supposed to precipitate and form bubbles quickly. Surprisingly, Demkowicz et al. [90]
found that no He bubbles were identified in region with low but not zero He concentration via TEM
in magnetron sputtered Cu/Nb multilayers after He3 irradiation [90]. In Figure 10, the upper image
shows Cu/Nb multilayers after He3 irradiation, while the lower figure describes the evolution of
He3 concentration along depth. The He3 concentration is measured by nuclear reaction analysis
(NRA), instead of estimation by using the Stopping and Range of Ions in Matter (SRIM) [114],
as NRA accurately reflects the true He3 depth profile [90]. He bubbles are only observed at high
He concentration region, while no He bubbles are detected in low He concentration region. Based
on this sharp comparison, it is inferred that small He clusters, which are too small to be detected by
TEM, are captured by Cu/Nb heterophase interfaces in low He concentration region. With increasing
He concentration, these small clusters evolve into visible bubbles, as shown in the middle part of
Figure 10. This comparison indicates that there exists a critical He concentration to form visible He
bubbles (under TEM) along interfaces.

 

Figure 10. TEM image of He3-implanted Cu–Nb multilayers with layer thickness of 5.6 nm and He
concentration profile measured using NRA. For region below a critical depth around 215 nm, no He
bubble can be observed. Reprinted with permission from [90]; Copyright 2010 AIP.

To determine the critical He concentration to form visible He bubbles in Cu/Nb multilayers,
Demkowicz et al. [90] performed He3 irradiation on several multilayers with different layer thicknesses.
These irradiated multilayers are characterized using TEM with under-focus mode to detect He bubbles.
He3 concentration as a function of depth is evaluated using NRA. When converted to number of
He atoms per unit of interface area (rather than sample volume), the critical He concentration for
formation of visible He bubbles is about 8.5 atoms/nm2 in Cu/Nb multilayer, which is irrelevant
to layer thickness [90]. Analogous studies find that the critical He concentrations to form visible
He bubbles in Cu/V multilayers [98–100] and Cu/Mo [101] multilayers are 1.9 atoms/nm2 and
3 atoms/nm2, respectively. The sharply different critical He concentrations in various systems are
ascribed to different areal densities of misfit dislocation intersections (MDIs) in various heterophase
interfaces [90,98–101].

Atomistic modeling revealed that {111}FCC||{110}BCC interfaces contain two sets of parallel misfit
dislocations [95], forming a series of MDIs on interfaces. As demonstrated using atomistic modeling in
Reference [95], these MDIs are preferred He bubble nucleation sites. Figure 11a shows the effect of
creating a vacancy near a misfit dislocation in Cu plane. After annealing for 10 ps at 300 K followed
by energy minimization, the vacancy occupies the MDI with a low formation energy of −0.13 eV.
This configuration indicates that interface decorated by constitutional vacancy is energetically favorable
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to the vacancy-free interface. Constitutional vacancies were continuously added to the heterophase
interface until no negative formation energy sites remain. The final Cu/Nb interface containing about
5 at.% constitutional vacancies gathered near MDIs has about 25 mJ/m2 lower energy than a perfect
interface. That is, about 2.5 constitutional vacancies gather near one MDI (Figure 11c). Similarly, a Cu/V
interface with 2.5 constitutional vacancies on single MDI (Figure 11d) and an energy reduction of
3.4 mJ/m2 is formed finally. It should be noted that, due to different lattice parameters, the areal density
of MDIs on Cu/Nb interface is over a factor of five larger than that on Cu/V interface [90,98–100].
This results in the atomic percentage of constitutional vacancies (about 0.8 at.%) on Cu/V interface
being much smaller than that on Cu/Nb interface (about 5 at.%) [90]. Due to the high binding energy,
He atoms are easily trapped by constitutional vacancies locating on MDIs and form He–V clusters.
These He–V clusters can be regarded as He bubble embryo and may develop into He bubbles. Hence,
MDIs are preferred He bubble nucleation sites. Notably, the amount of He atoms trapped by a MDI
should be constant before forming a visible He bubble. The areal density of MDIs is five times higher
for Cu/Nb interface than that for Cu/V interface, which corresponds very well with the fact that the
critical He concentration to form visible He bubbles on Cu/Nb interface (about 8.5 atoms/nm2) is also
about five times higher than that on Cu/V interface (about 1.9 atoms/nm2). This attests that different
areal densities of MDIs are responsible for various critical He concentration in different multilayers.

 
Figure 11. Unrelaxed (a) and relaxed (b) vacancies on the Cu side of a Cu–Nb interface; (c) about
5 at.% constitutional vacancies locates in the ground state Cu–Nb interface; and (d) about 0.8 at.%
constitutional vacancies locates in the ground state Cu–V interface. Vacancies tend to gather around
MDIs. Reprinted with permission from [95]; Copyright 2012 Elsevier.

MDIs in heterophase interfaces are efficient sinks for He. This deduction is further proved in
bi-crystal Au film, as shown in Figure 12 [115]. He implantation is conducted on both single-crystal
and bi-crystal Au foil containing a twist boundary. Dense He bubbles with various bubble size are
homogeneously distributed in single-crystal Au foil, as shown in Figure 12b. Interestingly, He bubbles
are observed to array periodically on dislocation intersections in bi-crystal Au. The twist boundary
comprises a square grid of screw dislocations [115]. All dislocation intersections are occupied by
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He bubbles, while no bubbles are identified in matrix. Similar bubble distribution on dislocation
intersections is further demonstrated using Metropolis Monte Carlo simulation (Figure 12c) [115].
From the comparison between single-crystal Au and bi-crystal Au, it is evident that dislocation
intersections are preferred He bubble nucleation sites. Similarly, MDIs in heterophase interfaces
decorated with vacancies can trap He efficiently [95].

 

Figure 12. (a) Dense He bubbles in single-crystal Au after He irradiation; (b) He bubbles distribute on
MDIs in a (001) twist grain boundary with a misorientation angle about 1◦; and (c) Metropolis Monte
Carlo simulation shows dislocation network in blue and He bubble at MDIs in red. Reprinted with
permission from [115]; Copyright 2012 Elsevier.

Figure 13 [95] plots the areal density of MDIs and the critical He concentration to form visible
bubbles as a function of the lattice parameters ratio. The areal density of MDIs in FCC/BCC
heterophase interfaces can be evaluated using O-lattice theory, which is described in details in
Ref. [116]. The areal density of MDIs in Ag/V, Cu/V, Cu/Mo and Cu/Nb interfaces calculated
adopting O-lattice theory are plotted in Figure 13 [95]. Generally, the MDI areal densities vary with
different lattice parameter ratio without a clear trend for ratio ranging from 0.7 to 0.95. However,
for lattice parameter ratio ranges from about 0.82 to 0.95, the areal density of MDIs calculated
using O-lattice theory increases monotonically with increasing lattice parameter ratio (Figure 13).
The Cu/Nb interfaces have the largest lattice parameter ratio and highest areal density of MDIs.
Similarly, the measured critical He concentration also increases monotonically with increasing lattice
parameter ratio, as shown in Figure 13. The dependence of critical concentrations on lattice parameter
ratios matches well with that of the MDI areal densities. This further attests that various critical
He concentrations should be ascribed to different areal densities of MDIs in FCC/BCC multilayers.
Based on the areal densities of MDIs and the critical concentrations, it can be determined that about
25 He atoms can be stored on each MDI without forming a visible He bubble in Cu/Nb, Cu/V and
Cu/Mo multilayers [90]. According to Figure 13, it seems that Ag/V multilayers contain extremely
low-density of MDIs. This should be ascribed to the fact that neighboring Ag and V layers in magnetron
sputtered Ag/V multilayers deliver a variety of orientation relations, including Kurdjumov–Sachs,
Nishiyama–Wasserman, Bain, and Pitsch orientation relations [105]. Moreover, each successive layer
in Ag/V multilayers is polycrystalline. These heterogeneous structures in Ag/V multilayers do not
mean that Ag/V multilayers have lower radiation tolerance compared to other FCC/BCC multilayers.
In fact, Ag/V multilayers exhibit similar He-irradiation tolerance to Cu/Nb multilayers [90,105].

Heterophase interfaces in semi-coherent FCC/BCC multilayers show unprecedented He storage
capacity, which is far beyond the equilibrium solubility of He in metals. The phenomenon that one
MDI can sustains 25 He atoms without forming visible bubbles is not unexpected and attracted
tremendous interests [88–111]. Recent atomistic modeling work focused on He atom behaviors at
MDIs rationalized why one MDI can sustain so many He atoms without forming visible bubbles.
A He cluster evolution process, briefly described as “platelet to bubble” transition, is proposed [96] to
explain the unprecedented He storage capacity of interfaces.

52



Materials 2019, 12, 1036

 

Figure 13. Black dots show the dependence of areal densities of MDIs calculated using O-lattice theory
on lattice parameter ratios in FCC/BCC interfaces with identical interface orientation relationship.
Red diamonds represent the critical He concentration to form visible He bubbles with different lattice
parameter ratios. Reprinted with permission from [95]; Copyright 2012 Elsevier.

He bubbles in crystalline metals tend to evolve into stable spherical bubbles due to high isotropic
equilibrium pressure. However, low concentration He may form stable He platelets at interfaces [96].
As shown in Figure 14a–c, He platelet is formed by wetting high-energy interface regions and extends
along the interface with increasing He concentration in Cu/Nb multilayers. The shape and location of
the He platelet is determined by three surface energies. These surface energies are the Cu/He surface
energy γCu/He, the Nb/He surface energy γNb/He and the Cu/Nb interface energy γCu/Nb. An excess
interface wetting energy is then described as [96],

W = γCu/Nb + γCu/He − γCu/Nb (4)

when W > 0, the He platelet is expected to wet the interface at a contact angel that depends on the
surface energies to minimize the total energy. The surface energies γCu/He and γNb/He are calculated to
be 1.93 and 2.40 J/m2, respectively. The average interface energy γCu/Nb is 0.54 J/m2 [96]. The excess
interface wetting energy should always be positive, indicating that, regardless of size, He cluster
will always wet the interface in the form of He platelet. However, this hypothesis is valid for He
platelet containing fewer than 20 He atoms. This is generally consistent with the former result of 25 He
atoms [90]. With further increasing He concentration, the He platelet grows through adding a new
layer of He and keeps its area along the interface constant, as shown in Figure 14d. This indicates that
a transition from platelet to bubble happens. Further increasing He concentration promotes bubble
growth, as shown in Figure 14e.

 

Figure 14. The evolution process of He cluster along Cu/Nb interface: (a–c) He platelet is formed by
wetting high-energy interface regions and extends along the interface; and (d,e) He platelet transforms
into He bubble by adding a new layer of He and keeps its area along the interface constant. Reprinted
with permission from [96]; Copyright 2013 NLM.
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Due to the existence of MDIs in semi-coherent Cu/Nb interfaces, γCu/Nb is not homogeneous
across the interface and varies with positions, as shown in Figure 15 [96]. The high energy areas
deriving from MDIs in Figure 15 have an interface energy of about 0.8 J/m2, while the low energy
areas have an interface energy of about 0.4 J/m2, leading to an average interface energy of about
0.54 J/m2 [90]. The heterogeneity of interface energy across the interface is responsible for the platelet
to bubble transition [96]. For high interface energy regions, the excess interface wetting energy W is
always positive, giving rise to formation of He platelet by wetting the interface. With increasing of
He concentration, the He platelet extends by further wetting the interface [96]. However, once the
He platelet is large enough and exceeds the original high interface energy region, W will be negative,
which inhibits further wetting. As a result, the growth of He platelet proceeds into Cu due to the lower
vacancy formation energy in Cu. Finally, the platelet transforms into bubble and visible bubbles are
detected along interfaces [96].

 
Figure 15. Location dependence of Cu/Nb interface energy. Areas occupied by MDIs deliver the
highest interface energy. Reprinted with permission from [96]; Copyright 2013 NLM.

The above model describes He precipitation along semi-coherent FCC/BCC interfaces
innovatively and reasonably. MDIs along interfaces play a critical role in tuning radiation defects and
contribute to the high radiation resistance in NC metals and multilayers. MDIs deliver outstanding He
storage capacity besides enhancing interstitials and vacancies recombination. An important conclusion
derived from above model is that design of interfaces with high-density MDIs is a potential way to
achieve enhanced radiation tolerance in materials. These insights provide a practical way to predict
He behaviors along interfaces, such as formation of He platelets and bubbles. In addition, the He
concentration that a certain multilayer may sustain before forming visible He bubbles along interfaces
can be calculated using MDI density. This would surely facilitate the prediction of lift-time of various
multilayers exposed to He irradiation. More importantly, these insights guide the design of multilayers
and provide new avenues for manufacturing radiation-tolerant materials. However, to apply the
interface engineering strategy in real application, a new method that can be scale-up to fabricate
interface-dominated metals in industry is still needed.

4. Helium Radiation Hardening

In this part, we overview irradiation hardening induced by He bubbles. Most investigations on
the strengthening effect of He bubbles are conducted using direct He implantation to introduce a high
density of He bubbles within a short range of time [88–111]. However, He implantation usually forms
He bubbles within a shallow region due to the limitation of ion energy. The depth of He-bubbled region
generally ranges from hundreds of nanometers to several micrometers [88–101], which depends on
the energies of incident He ions. Hence, nano/micro-mechanical tests are widely adopted to evaluate
He bubble induced hardening in these sample. Nanoindentation [63,116,117], and in situ mechanical
testing in SEM [118–121] and TEM [122–127] are widely performed to investigate the effect of He
bubbles on the mechanical properties of various metals. We mainly focus on three parts next: He
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irradiation hardening in single-phase metals, He irradiation hardening in metallic multilayers and
theoretical modeling of He irradiation hardening.

4.1. Helium Radiation Hardening in Single-Phase Metals

We start the discussion with He irradiation hardening in single-phase metals. Several studies
are performed on He irradiated steel [63], Ni [120], Cu [118,122–126] and Al–4Cu alloy [127] to
evaluate He radiation hardening and interactions of He bubble with dislocations/deformation
twin [63,120–127]. Using nanoindentation teats, Roldan et al. [63] found that He-irradiated steels
after annealing demonstrate much higher hardness compared with as-received samples. We [122]
demonstrated that He bubbles with an equilibrium internal pressure slightly less than 1 GPa serve as
shearable obstacles and internal dislocation sources in single-crystal Cu pillars. As shown in Figure 16a,
pillars containing He bubbles deliver higher flow stress and more stable deformation compared with
the deformation of fully dense Cu pillars. He bubbles reduce dislocation velocity and mean free
path, increase shear stress, and promote the storage of dislocations, giving rise to enhanced yield
strength, flow stress and strain hardening in Cu pillars. This is verified by in situ nanomechanical
measurement and videos of dislocation–He bubbles interaction in both fully dense and He-bubbled
Cu pillars [122]. Sharp slip steps can be identified on surface of deformed fully dense Cu pillar
(Figure 16b), while He-bubbled pillars form smooth front surface after large strain of compression
(Figure 16c). More importantly, we found that He bubbles can enhance ductility in small-volume
Cu pillars [122], which is contrary to the widely accepted He-induced ductility lost in metals [18,19].
The reasons for enhanced ductility are discussed in next section. Similarly, another related study
on He irradiated Cu [126] indicates that He bubbles performed as obstacles for both dislocations
and twins, leading to enhanced yield strength and flow stress of Cu pillars. In addition, the authors
of [120,126] reported a dose-dependent He irradiation hardening in Ni and Cu. The flow stress in both
Cu and Ni pillars increases significantly with increasing of He concentration [120,126]. In tensile tests,
the ultimate tensile strengths (UTSs) for fully dense single-crystal Ni, and Ni after He implantation
with a fluence of 2 × 1017 ions cm−2 and 3.8 × 1017 ions cm−2 are 241, 384 and 503 MPa, respectively.
The dose-dependent He irradiation hardening should be common in various monolithic metals,
but there may exist a critical He concentration over which the He irradiation hardening keeps constant
or even decreases with further increasing of He concentration, as demonstrated in He implanted pure
Ag [106]. Below the critical He concentration, the spacing of He bubbles reduces continuously with
increasing He concentration due to bubble growth and new bubble nucleation. Once the critical He
concentration is reached, bubble coalescence, bubble coarsening or bubble-to-void transition may take
place, leading to a complex mechanical response. The detailed bubble evolution and their mechanical
effects at high He concentration need to be further studied experimentally and theoretically.

Figure 16. Compression tests on FD-Cu (unirradiated) and NB-Cu (irradiated) pillars: (a) NB-Cu
containing nanoscale He bubbles deliver stable deformability and higher flow strength; (b) sharp slip
bands are identified in FD-Cu pillar; and (c) smooth deformation profile is identified in NB-Cu pillar.
Reprinted with permission from [122]; Copyright 2016 American Chemical Society.
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4.2. Helium Radiation Hardening in Metallic Multilayers

In this section, we review He radiation hardening in multilayers. Nanoindentation tests on Cu/V
multilayers with various layer thickness reveal a size-dependent He bubbled-induced hardening [100].
For layer thickness ranging from 200 to 2.5 nm, the magnitude of He bubble-induced hardening
decreases with reducing layer thickness, and the hardening effect is negligible for layer thickness
of 2.5 nm or less. Notably, this size-dependent irradiation hardening is also identified in other
multilayers, such as V/Ag [106], Ag/Ni [111], Fe/W [104], Cu/Cu–Zr [117], etc. (Figure 17a). Many
studies indicate that the size-dependent irradiation hardening is valid for layer thickness h below a
critical value hc. This trend disappears when h gradually increases to the critical thickness [106].
The size-dependent irradiation hardening in multilayers can be rationalized as follows. Firstly,
radiation damage decreases with reducing layer thickness in multilayers [88–94], as discussed in
Section 3. TEM images of He irradiated 50 and 2.5 nm Cu/V multilayers (Figure 17b,c) confirm that
2.5 nm Cu/V multilayers exhibit much better radiation tolerance, as manifested by the formation of
low-density of He bubbles and negligible irradiation hardening. Secondly, the size-dependent He
irradiation hardening is closely related to the deformation mechanism transition in nanolaminates
with reducing layer thickness [128–132]. The deformation mechanisms in multilayers can be classified
into three regions with the variation of layer thickness [128–132]. (1) For layer thickness ranging from
millimeters to sub-micrometers, dislocation pile-up (Hall–Petch model) in single layer is the dominant
deformation mechanism. (2) For layer thickness ranging from hundreds to tens of nanometers,
confined layer slip (CLS) is the dominant mode. (3) For layer thickness of several nanometers,
dislocation transmitting interface is the main deformation mechanism [128–132]. He irradiation
hardening in multilayers with various layer thickness can be well explained based on the three
dominant deformation models discussed above.

Figure 17. (a) Size dependent radiation hardening in various multilayers [98,104,106,110,117]; (b) TEM
images of He irradiated Cu/V with a layer thickness of 50 nm [100]; and (c) He irradiated 2.5 nm Cu/V
multilayers [100]. Reprinted with permission from [100]; Copyright 2009 Elsevier.

In the cases of dislocation pile-up and CLS, dislocations are expected to cut through bubbles to
carry plasticity. Wei et al. [106] proposed that the force of interaction between bubbles and dislocations
is confined to a small segment of dislocations. Thus, the total resistant force produced by bubbles
can be calculated as the sum of individual interaction force (Figure 18a). The irradiation-induced
hardening can be determined by the equilibrium between the line force and sum of resistant force [106]

Δτ =
nτibl
bh′ (5)

where n is the number of bubbles along dislocation, τi is the average shear strength of bubble, b is the
Burgers vector, l is bubble spacing, and h′ is layer thickness parallel to glide plane. Parameter n in
Equation (5) can be substituted using n = (h′ − l)/l, and then Equation (5) can be rewritten as
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Δτ = τi

(
1 − l√

2h

)
(6)

Figure 18. Schematic illustration of dislocation-He bubble interactions in multilayers with various
layer thicknesses: (a) for large layer thickness, CLS is the dominant deformation mechanism and He
bubbles serve as obstacles for dislocations; and (b) for small layer thickness, dislocation crossing is the
main deformation mechanism and He bubbles on interfaces have a less significant effect on dislocation
behavior. Reprinted with permission from [106]; Copyright 2011 Elsevier.

For multilayers with layer thickness h ranging from millimeters to sub-micrometers, irradiation
hardening derives from bubble–dislocation interactions in single layers. In this region, h is far larger
than the average bubble spacing l. In addition, because h is larger than the critical layer thickness hc,
the irradiation hardening is about τi [106].

For multilayers with layer thickness h ranging from hundreds to tens of nanometers, CLS is
the dominant deformation mechanism and bubbles distributing inside layers serve as obstacles for
dislocation motion. According to Equation (6), irradiation hardening Δτ decreases with reducing layer
thickness h, manifested as size-dependent irradiation hardening (Figure 18a).

For multilayers with layer thickness h of several nanometers (<5 nm), dislocation transmitting
interface serve as the dominant mechanism. For nanolaminates, He bubbles tend to array on interfaces
and only some bubbles stay inside layers (Figure 18b). Because Equations (5) and (6) are established
based on the situation that bubble–dislocation interactions occur in a single layer (dislocation pile-up
and CLS dominate), they are not applicable to calculate He radiation hardening in extremely thin
multilayers [64,93]. Li et al. [93] reported that 5 nm and 2.5 nm multilayers after implant of 7 at%
He demonstrate similar irradiation hardening as that of after 1 at. % He implantation. This implies
that the interface He bubbles/platelet produce a similar hardening effects and only give rise to
modest hardening in multilayers containing extremely thin layers [93,96]. The detailed mechanism of
interaction between dislocation and He platelet/bubble still needs further study.

4.3. Modeling of Helium Radiation Hardening

A widely used model to calculate He irradiation hardening is the Friedel–Kroupa–Hirsch (FKH)
model [126,128,133,134]. He irradiation hardening in monolithic metals and metallic multilayers
containing thick layers (h > 5 nm) can be evaluated as [133,134]

Δσ =
1
8

MμbdN2/3 (7)

where M is the Taylor factor, μ is the shear modulus, b is the Burgers vector, d is the average bubble
diameter, and N is the average bubble density. This model [133] was initially presented to describe
elastic interactions of dislocations and dislocation loops, but it works well in evaluating hardening
induced by weak obstacles for dislocation motion, such as He bubbles [126]. Generally, the FKH model
is applicable to obstacles with a barrier strength lower than 0.25 [134]. As He bubbles deliver a barrier
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strength of about 0.2 [135], this low barrier strength makes it reasonable to calculate He irradiation
hardening using the FKH model.

A simplified Orowan model is also proposed to evaluate radiation-induced hardening in
metals [93,136–138]. The model can be expressed as follow.

Δτ = μb/Kl (8)

where l is the average obstacle spacing, K is a factor related to obstacle strength. Obviously, strong
obstacles usually deliver small K [136,137]. Osetsky et al. [136,137] demonstrated that K is about 1.8–10
for impenetrable defects depending on obstacle size, and is 2–5 for voids. He bubbles with l = 7.9 nm
have K = 5.5 in Ag/V multilayers. Generally, He bubbles have larger K value compared to voids due
to relatively low obstacle strength.

He bubbles with low equilibrium pressure usually serve as shearable obstacles for dislocation
motion [123]. For shearable bubbles, dislocations are forced to bow out and then cut bubbles to
further carry plasticity, as identified in He irradiated Cu [122]. The resolved shear stress required for a
dislocation to cut two adjacent He bubbles is calculated using the modified Orowan equation [106,139].

τ =
μb
2πl

ln
(

l
r

)
(cosϕc)

1/2 (9)

where μ, b and l have the same meaning as in Equations (8) and (9). r is the radius of He bubbles and
ϕc is defined as half of the critical angle of a bow-out dislocation. ϕc can be regarded as a reference
to evaluate dislocations and obstacles interactions. ϕc = 0

◦
corresponds to strong obstacles and

Equation (9) deduces to Orowan formula. Very weak obstacles deliver ϕc of about 90◦. Wei et al. [106]
found that ϕc = 76

◦
for 0.8 nm He bubbles in V/Ag multilayers. Similarly, we calculated that ϕc is

about 60◦ for 4 nm He bubbles in Al–4Cu alloy [127]. These relatively large ϕc indicate that shearable
He bubbles are weak obstacles for dislocation motion.

5. Effect of Helium Bubbles on Ductility of Metals

5.1. High Temperature Helium Embrittlement in Polycrystalline Metals

As one form of well-known radiation damage, high temperature He embrittlement in metals has
attracted tremendous interests in past decades [140–163]. A very low overall helium concentration
could significantly degenerate the mechanical properties of metals, leading to catastrophic fracture of
nuclear reactor components [140–163]. Kramer et al. [142] performed tensile tests on 304 SS after He
implantation. They reported that an extremely low He concentration, about 1 × 10−7 atom fraction of
He above 650 ◦C and 3 × 10−5 atom fraction of He above 540 ◦C resulting in severe ductility loss in
304 SS. A representative work to evaluate He effects on metals was conducted on oxygen free high
purity Cu as well [140]. It is found that only about 2 appm He concentration can exert a profound
effect on microstructure of Cu [140]. As shown in Figure 19a, a series of intergranular cavities with
various size are formed along GB, which originate from coalescence of He bubbles formed along GBs.
Specimens containing He introduced by tritium decay also show significant ductility loss (Figure 19b).
In addition, the fracture surface (Figure 19c) has an intergranular fracture morphology, presumably
due to radiation-induced cavities along GBs (Figure 19a).

Investigations performed in the past decades have gained valuable insights into high temperature
He embrittlement in metals. However, the evolution process of He bubbles under stress that leads to
final embrittlement is rather complicated. Stress enhanced bubble growth along GBs is widely accepted
as one of dominant failure mechanisms underlying high temperature He embrittlement [141–151],
but there still leaves many opening questions. Creep tests on samples after low temperature He
implantation or during He implantation (named “in beam” [141]) are regarded as the most instructive
way to investigate high temperature He embrittlement, as “in beam” creep tests provide an opportunity
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to monitor the complete bubble evolution processes under stress. Here, we briefly discuss creep
tests [141] performed on 316 SS and DIN 1.4970 SS after room temperature He implantation or during
He implantation [141]. Figure 20a plots the dependence of creep rupture time on creep stress in 316 SS
at 1023 K. Under the same creep stress, He-irradiated 316 SS delivers much shorter creep rupture time
than their counterparts without radiation [141]. Among irradiated 316 SS, the “in beam” samples show
the shortest creep rupture time, indicating that high-temperature He irradiation may significantly
reduce the service life of metals. In addition, all irradiated samples exhibit brittle, intergranular
fracture, while samples without radiation show transgranular cup-cone fracture mixed with ductile
tearing [141]. Figure 20b shows typical TEM image of 316 SS “in beam” tests after 25 hours under
creep stress of 50 MPa at 1023 K. The corresponding He concentration is 2500 appm. He bubbles with
mean diameter of about 100 nm distributed along GB, which is perpendicular to the applied stress.
These creep tests further demonstrate that stress-enhanced bubble growth along GBs is responsible for
high temperature He embrittlement [141–151].

 
Figure 19. (a) Intergranular cavities along GB in Cu after T2 exposure; (b) tensile behavior of unexposed
and T2 charged and aged Cu; and (c) intergranular fracture surface morphology of Cu after tritium
exposure treatment. Reprinted with permission from [140]; Copyright 1986 Elsevier.

Figure 20. (a) The dependence of creep rupture time on creep stress of 316 SS at 1023 K with different
irradiation parameters; and (b) large He bubbles distributed along GB, which is perpendicular to the
applied stress after creep test. Reprinted with permission from [141]; Copyright 1983 Elsevier.

Next, we focus on He bubble evolution at high temperature during “in beam” creep tests.
As schematically illustrated in Figure 21a, high-temperature He embrittlement consists of a sequence
of processes including bubble nucleation, stable gas-driven bubble growth, unstable stress-driven
void growth and crack nucleation by cavity coalescence [144–151,158]. “In beam” creep tests are
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accompanied by a constant He irradiation rate (
.

cHe). At the very beginning, He forms He–V clusters
and develops into He bubbles gradually along GBs by absorbing additional He atoms and vacancies.
With further increasing He concentration, the bubble concentration along GBs, cGB

Bubble, will increase,
as shown in nucleation part in Figure 21a. cGB

Bubble reaches a peak value with further increasing of He
concentration [151,158]. Thus, bubble nucleation is suppressed and bubble growth is dominant [150].
cGB

Bubble is supposed to reduce due to bubble growth and coarsening (Figure 21a). Before reaching
the critical radius cr, He bubbles grow in a stable gas-driven growth mode by absorbing He and
vacancies at an equilibrium pressure p = 2γ/r, where γ is surface energy of matrix and r is radius of
He bubbles [56,144–151,158]. However, irradiation or stress-induced effective vacancy supersaturation
will enhance the transition from gas-driven bubble growth to unstable stress-driven void growth at
an equilibrium pressure p < 2γ/r [56,146–148,158]. Once the He bubble reaches the critical radius cr,
a transition from bubble-to-void happens, and the samples will fracture in a short time once exposed to
creep stress. An important conclusion on creep tests is that creep life time is dominated by gas-driven
growth of bubbles along GBs [56,145–147]. This indicates that the time from bubble nucleation to
bubble–void transition is regarded as a rupture criterion [145–147]. After the bubble-to-void transition,
voids will grow unstably under creep stress. Finally, voids coalescence leads to crack nucleation and
final catastrophic intergranular fracture.

Figure 21. (a) The bubble evolution process along GB in creep test [158]; and (b) the creep rupture time
decreases with increasing He concentration. The creep rupture time decreases sharply when He bubble
size reaches the critical size [18]. Reprinted with permission from [158]; Copyright 1983 Informa UK
Limited; Reprinted with permission from [18]; Copyright 1985 Elsevier.
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Based on the discussion above, it is obvious that the critical radius cr plays as an important role
in determining the creep life. For GBs containing He bubbles under creep stress, the critical size for
bubble-to-void transition can be calculated as [145]

cr = 4γ/3σ (10)

where γ is surface energy of matrix and σ is the creep stress. When the creep stress is removed,
the critical size for bubble-to-void transition is [56,145]

cr0 = cr/
√

3 = 4γ/3
√

3σ (11)

Below this critical size, He bubbles remain stable and high-temperature He embrittlement will be
suppressed. Two practical approaches are proposed to mitigate high-temperature He embrittlement in
metals [64]: (1) maximize the critical size for bubble-to-void transition by reducing irradiation-induced
vacancies; and (2) maximize bubble nucleation sites to increase the number of stable He bubble. In fact,
NC metals [70–73], multilayers [80,88–101] and oxide dispersion-strengthened (ODS) steels [164,165]
are examples designed based on the above two approaches. Abundant interfaces in NC metals,
multilayers and ODS steels significantly enhance the recombination of interstitials and vacancies,
which reduce the production rate of irradiation-induced vacancies [68,69]. Moreover, these interfaces
are preferable nucleation sites for He bubbles [97,98], which suppresses overall bubble growth and
keeps He bubble below the critical size for bubble-to-void transition.

5.2. Helium Bubbles Enhance Ductility in Small-Volume Single-Crystal Metals

Contrary to polycrystalline metals, nanoscale He bubbles are demonstrated to enhance ductility in
small-volume single-crystal metals [122,127] and metallic glass [166]. The underlying mechanisms are
discussed as follows. Firstly, because they serve as shearable obstacles, He bubbles hinder dislocation
motion and reduce dislocation mean free path, and hence promote dislocation storage, which gives
rise to stable and homogeneous plasticity [122,126,127]. Secondly, He bubbles are preferable internal
dislocation nucleation sources [122]. As shown in Figure 22, both experiments and simulations have
confirmed this novel deformation mechanism. Figure 22a,c presents snapshots recording dislocation
operation in sample containing dense He bubbles in Cu. A partial dislocation nucleates from the
adjacent region of He bubble within 0.1 s (Figure 22b). This indicates that the He bubble surface and
sample surface are near equal preferable dislocation nucleation sites [122]. Similarly, dislocations
are also observed to nucleate and propagate homogeneously across the whole small-volume Al–4Cu
sample containing He bubbles [127], which is in sharp contrast to localized dislocation operation in
bubble-free sample. Subsequently, He bubbles are cut through by dislocations, as indicated by the
steps and stacking faults in Figure 22b,c. Atomic simulations indicate that He bubbles are preferable
dislocation nucleation sites compared to pillar surface/corner at the resolved shear stress above
1.5 GPa, which is usually the critical resolved shear stress required for dislocation nucleation in
molecular dynamic simulations. Above this critical shear stress, the dislocation nucleation frequency
is higher and the activation energy is lower for dislocation nucleation from He bubbles than that of
dislocation nucleation from pillar surface/corner (Figure 22d,e). He bubble–dislocation interaction can
further produce massive slip steps at He bubble surface, which are new internal dislocation nucleation
sources, as shown in Figure 22f. Therefore, He bubbles play a combined role of shearable obstacles
and internal dislocation nucleation sources, which promote dislocation storage in small-volume
samples, thus enhance stable and homogeneous deformability in SC pillars. In addition, besides
bubble coalescence, bubble cleavage is also identified as an alternative micro-damage mechanism in
deformation of He-bubbled SC pillars [123]. This provides new insight into the failure mechanism of
He-bubbled metals.
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Figure 22. (a–c) A partial dislocation nucleates from He bubble and cuts through adjacent He bubbles,
leaving a stacking fault and slip steps on bubbles. (d,e) A simulation demonstrates that He bubbles are
preferable dislocation nucleation sites. For resolved shear stress higher than 1.5 GPa, the activation
energy for dislocation nucleation from He bubbles is lower than that from pillar surface/corner, leading
to higher dislocation nucleation frequency from He bubbles. (f) Slip steps on He bubbles also serve
as dislocation nucleation sites. Reprinted with permission from [122]; Copyright 2016 American
Chemical Society.

The surprising finding that He bubbles enhance ductility in single-crystal metals may provide
new applications for ion beam engineering. By deliberately introducing bubbles or other defects
using ion beam engineering, mechanically robust single-crystal devices can be manufactured [121].
Moreover, this finding provides a new approach to suppress high temperature He embrittlement in
nuclear reactor components. Single-crystal metals may be considered as a potential candidates for
nuclear reactor components, but a series of issues, such as recrystallization of deformed SC metals at
elevated temperature, the difficulty of fabricating bulk single-crystal metals, etc., remain as challenges.

6. Summary and Outlook

Helium irradiation-induced damages have been studied extensively in the past decades and
remain an important issue today. In this review, we briefly summarize previous studies on He bubble
evolution and their effects on mechanical properties of metals. He bubble nucleation and growth
are promoted with the aid of radiation produced vacancies. Matrix atoms are pushed out and form
Frenkel pairs with increasing He atoms in He–V clusters. In addition, He bubbles grow accompanied
by dislocation loop punching. Bubble migration and coalescence and Ostwald ripening are two main
mechanisms of bubble coarsening under annealing. Interface engineering is widely adopted to improve
radiation tolerance of metals. Interfaces serve as sinks for point defects (vacancies, interstitials and
He), which promote vacancy–interstitial recombination and assist the stable storage of He. Dense He
bubbles act as shearable obstacles under straining, and induce hardening in metals. Multilayers
demonstrate size-dependent hardening due to the transition of deformation mechanism with reducing
layer thickness. High temperature He embrittlement consists of four stages: bubble nucleation,
stable gas-driven bubble growth, unstable stress-driven void growth and crack nucleation by cavity
coalescence. Once the bubble size is larger than a critical value, a transition from bubble-to-void
takes place and leads to catastrophic intergranular fracture. He bubbles can enhance the strength and
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ductility in small-volume metals because He bubbles play a combined role of shearable obstacles and
dislocation sources.

As discussed in previous sections, significant progresses have been made in understanding of He
bubbles in metals. However, there are still paramount problems left that need to be addressed in the
future. In the following, we only propose some of representative issues that need special attention.

First, most nuclear reactor components serve at medium or high temperatures, and the thermal
stability of interfaces in NC metals and multilayers should be considered with particular concern.
Radiation-assisted grain growth in NC metals and layer pinch-off in multilayers will lead to sharp
reduction in the density of interfaces, which dramatically deteriorates radiation tolerance in NC
metals and multilayers. There are increasing studies on thermal stability of GBs and heterophase
interfaces, but there are still very limited efficient approaches to improve the thermal stability of GBs
and heterophase interfaces in metals, especially under radiation condition. Improving the thermal
stability of interfaces without sacrificing the mechanical properties will give rise to unprecedented
radiation tolerance in NC metals and multilayers.

Second, details of He–interface interactions are still not very clear and need further study. Experimental
evidence from previous studies confirm that interfaces are efficient sinks for He, but existing studies do
not provide a clear picture on details of He–interface interactions. Atomic simulations may provide an
effective way to unveil He–interface interactions, but studies using atomic simulations on this issue
are still limited. Moreover, in situ He irradiation inside TEM may serves as a direct and visual method
to further investigate this question.

Third, microstructures of GBs and heterophase interfaces are supposed to evolve due to direct
irradiation and interactions with point defects induced by collision cascade. As a result, the capacity
of interfaces in trapping point defects (He, vacancies and interstitials) and the ability of promoting
vacancy–interstitial recombination may alter or reduce with continuous interface–defect interactions.
Thus, a method to design self-healing interface is highly desired to further improve the radiation
resistance of metals.
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Abstract: The use of ultrafine and nanocrystalline materials is a proposed pathway to mitigate
irradiation damage in nuclear fusion components. Here, we examine the radiation tolerance of
helium bubble formation in 85 nm (average grain size) nanocrystalline-equiaxed-grained tungsten
and an ultrafine tungsten-TiC alloy under extreme low energy helium implantation at 1223 K via
in-situ transmission electron microscope (TEM). Helium bubble damage evolution in terms of number
density, size, and total volume contribution to grain matrices has been determined as a function of
He+ implantation fluence. The outputs were compared to previously published results on severe
plastically deformed (SPD) tungsten implanted under the same conditions. Large helium bubbles
were formed on the grain boundaries and helium bubble damage evolution profiles are shown to differ
among the different materials with less overall damage in the nanocrystalline tungsten. Compared to
previous works, the results in this work indicate that the nanocrystalline tungsten should possess a
fuzz formation threshold more than one order of magnitude higher than coarse-grained tungsten.

Keywords: nanocrystalline tungsten; alloy; in-situ electron microscopy; helium bubbles;
radiation tolerance

1. Introduction

Fusion energy applications require materials to possess superior properties able to withstand
extreme environments of high thermal loads, transient heat fluxes, high fluxes of helium (He) plasma
particles, and fast neutrons [1]. Furthermore, neutron irradiation can also lead to solid transmutation
products and He gas formation [2]. These challenging conditions can exacerbate damage in materials
facing the plasma. Tungsten is currently one of the best candidates for the divertor armor and is to be
used in ITER (originally the International Thermonuclear Experimental Reactor), but has demonstrated
several drawbacks (in terms of microstructural and mechanical property changes) when exposed to
extreme irradiation conditions [3–5]. One of the most studied microstructural changes is the formation
of fuzz: a high density of dendritic structures that can develop on the surface of tungsten at high
temperatures and He plasma fluxes [3]. While the precise mechanisms of fuzz formation are still
under investigation, it is understood to occur due to a high density of He bubbles forming near
the tungsten surface [6,7]. Several routes have been suggested in the quest to design irradiation
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resistant materials capable of mitigating microstructural changes and fuzz formation in a plasma facing
material. Refining the grain size to the nanocrystalline regime, and thereby increasing the density
of interfaces that act as defect sinks, has been proposed as a method to mitigate these changes [8,9].
Particle reinforcement, where the particles act as defect annihilation sites, is also a suggested route to
increase the irradiation resistance of the material and enhance its mechanical properties and thermal
stability [10–12]. The hypothesis is that materials that are radiation tolerant to bubble formation should
lead to an increased He+ fluence threshold for fuzz formation (at fuzz formation conditions) if fuzz
formation depends on the same conditions as proposed in the literature [6]. El Atwani et al. studied
nanocrystalline tungsten with a 35 nm average grain size [13] and an ultrafine tungsten alloy with TiC
dispersoids (W-TiC 1.1%) [14] under heavy ion irradiation (to mimic fast neutron damage). Both types
of materials have shown enhanced irradiation tolerance when compared to commercially-available
tungsten. Damage due to loop formation was shown to be minimal in the nanocrystalline tungsten and
decreased with time (due to loop annihilation and dissolution under heavy ion cascades) in the W-TiC
(1.1%). The response of these materials, however, due to low energy He+ implantation is still unknown.
The testing of severe plastically deformed (SPD) nanocrystalline and ultrafine tungsten, where both
elongated ultrafine (<500 nm) and nanocrystalline (<100 nm) grains coexist under low energy He+

implantation and high temperatures (1223 K), showed a trend in both damage and He bubble formation
as a function of grain size [15]. Grains of less than 60 nm (in elongated grains, size was defined to be
the distance across the middle in the narrower direction) demonstrated a high irradiation tolerance to
bubble formation and grains of ~35 nm were shown to possess minimum damage.

Here, we present a detailed study investigating the radiation tolerance to bubble formation
under low energy (2 keV). Implantation of He+ at a high temperature (1223 K) (similar conditions
to previous SPD work [15]) of the equiaxial nanocrystalline tungsten with an average grain-size 85
nm (referred to as NCW herein) was formed by magnetron deposition, and the tungsten-TiC (1.1%)
(labelled as W-TiC (1.1%)) formed by hot iso-static pressing of tungsten powders with TiC dispersoids.
The experiments were performed in-situ within the transmission electron microscope (TEM) in the
MIAMI-2 system (Microscope and Ion Accelerators for Materials Investigations) at the University
of Huddersfield [16]. Bubble formation, distribution, and evolution in the materials were studied
by quantifying bubble density, average size, and total change in volume (in the grain matrices of
the material due to bubble formation) as a function of implantation He+ fluence. Together with the
previous work in SPD tungsten, the results constitute a comparable set of bubble/damage evolution
profiles and distribution for different ultrafine and nanocrystalline grades (pure and alloyed) that
should assist in the understanding of nanocrystalline and ultrafine material behavior under He+

implantation and the design of materials with higher irradiation resistance for fusion applications.

2. Materials and Methods

The TEM sample (~100 nm thickness) preparation methodology and detailed morphology of the
samples prior to implantation have been described in detail previously [13,14]. The implantations
were incident at 18.7◦ from the surface normal with fluxes of 8.8 × 1013 and 6.8 × 1013 ion.cm−2.s−1 for
the NCW and W-TiC (1.1%), respectively, to a total He+ fluence of 3.6 × 1016 ion.cm−2. Displacement
damage and He distributions were found by the Kinchin-Pease model in the Stopping Range of Ions
in Matter (SRIM) Monte Carlo computer code (version 2013) [17], using 70 eV as a displacement
threshold [18]. He bubbles were characterized using bright-field TEM imaging at under-focused
(bubbles appear bright) conditions [19]. For every He+ fluence reported, different grains (about 7
grains in the W-TiC (1.1%) sample and 15 grains in the NCW sample) in every sample were quantified
at different He+ fluences. In every grain, several small circles (3–8 depending on the grain size) of
the same area were drawn randomly and the number of He bubbles and their corresponding sizes
were found. Averages were calculated from the results in all grains. A detailed illustration of the
quantification process was published in the supplemental of reference [20]. Figure 1 shows a schematic
diagram of the sample, implantation conditions and overlapping ion and displacement damage
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distributions. The projected He peak is ~12–15 nm, which is much less than the nominal thickness of
the film (~100 nm). This is an important consideration when comparing and illustrating phenomena
(such as bubble formation and defect annihilation/recombination) that can be affected by the proximity
to free surfaces. However, surface proximity effects becomes negligible in nanocrystalline and ultrafine
grains when the grain boundary to surface ratio approaches a value of 1 [21]. The grain boundary
to surface ratios on the equiaxed 85 nm tungsten and the W-TiC (1.1%) were measured taking into
consideration the upper and the bottom surface of the foils and assuming edge-on grain boundaries,
and were found to be 3.8 and 0.3, respectively. Interfaces of TiC particles and the tungsten matrix
inside the grains were not considered in the case of the W-TiC (1.1%) grade. These values are relatively
high compared to fine- or coarse-grained grades. For example, a corresponding grain boundary to
surface ratio for a fine-grained tungsten grade with an average grain size of ~2 μm would be ~0.04 [13].
Due to the shallow depth of implanted He in this work, no considerable variations in proximity effects
are expected between the two grades investigated.

Figure 1. A schematic showing the sample shape, implanted He (red curve), and displacement per
atom (dpa) damage (blue curve) distributions of 2 keV He+ (as determined by SRIM). The thickness of
the sample is magnified for the purpose of overlapping the implanted He and displacement damage
distributions. (For interpretation of the references to color in this figure legend, the reader is referred to
the web version of this article.)

3. Results and Discussion

3.1. He Bubble Formation and Growth

At the temperature studied in this work (1223 K), vacancies, interstitials, and small He–vacancy
complexes are mobile and hence He bubbles are expected to form [22]. The He bubble density, average
size, and the consequential change in volume in the grain matrices due to He bubble formation,
as a function of He+ fluence, not only reveal the total damage (as defined here) in the sample but
also demonstrate the damage evolution profiles and elucidate the variations in the response of
the two materials. Figures 2 and 3 show bright-field TEM images taken under Fresnel conditions
(under-focused conditions where bubbles appear bright) of the NCW and W-TiC (1.1%) as a function
of He+ implantation fluence and indicate He bubble formation. In both cases (Figures 2b and 3b),
He bubble formation was more evident at the grain boundaries than in the bulk grain matrices. As the
fluence was increased, grain boundaries demonstrated larger He bubble formation than that in the
grain matrices. While this demonstrates efficient He trapping by the grain boundaries, the mechanisms
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involved in this process can be complicated [23]. At the He+ energy in this work (2 keV), the number
of vacancies generated per ion is 0.5 for a 70 eV displacement threshold [18] according to SRIM
calculations. Therefore, HenVm complexes of n/m larger than 1 are expected to dominate especially
taking the inevitable dynamic annealing of vacancies into account. Such complexes have very large
migration energies and are not expected to migrate [24]. Only complexes with migration energies close
to that of vacancies (1.7 eV) [25] can contribute to He bubble formation at the grain boundaries under
these conditions and these are mainly complexes with a higher vacancy content [24,26]. Interstitial-He
trapping by the grain boundaries (2D trapping) can also occur and then He bubbles can form through
trap mutation processes as well as via vacancy migration to the grain boundary [27]. The probability
of trap mutation and He bubble formation on the grain boundaries can be high at this temperature due
to higher gas pressure and the decrease in self-interstitial formation energy [28]. Such mechanisms are
therefore expected to contribute to the observed formation of larger He bubbles at the grain boundaries;
nevertheless, understanding large He bubble growth on grain boundaries requires further coordinated
and complimentary experimental and modelling work.

3.2. He Bubble Evolution as a Function of He+ Fluence

He bubble damage evolution in the grain matrices, as quantified by changes in the bubble number
density, area, and the total change in volume (found using Δv

v = 4
3π r3

c Nv where Nv is the bubble
density in a 100 nm thick foils and rc is the average radius of the bubbles) due to bubble formation in
the grain matrices for both tungsten grades, are shown in Figure 4 (data adjusted for the NCW for
variations in focus, in different video segments, occurring during the dynamic in-situ experiments, as
described in Figure S1 and the Supplemental Materials). The He bubble density in the NCW grade
increased with He+ fluence and reached a plateau (at a density of ~ 0.125 nm−2), while the average
bubble size showed a decrease as a function of He+ fluence and reached an average size of 3 nm2.
The corresponding change in volume showed an increase with He+ fluence at the start of implantation,
peaked at ~0.7, and then decreased to ~0.4 at the last He+ fluence (3.5 × 1016 ion.cm−2). In the case of
W-TiC (1.1%), the number density increased first (when the bubbles became visible) to 0.025 nm−2 and
then saturated throughout the implantation, while the average bubble area increased as a function of
time (up to 8 nm2) in a similar trend to the corresponding change in volume, which reached a value
of 0.6.
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Figure 2. (a–h): Bright-field TEM micrographs of a small implanted region taken under Fresnel
conditions (under-focused) showing He bubble formation and evolution as a function of He+ fluence in
the grain matrices and grain boundaries in equiaxial nanocrystalline tungsten (NCW) with an average
grainsize of 85 nm implanted in-situ with 2 keV He+ at 1223 K. Scale bar of (b–h) is the same and is
shown in (b). Red box in (a) approximately represents a magnified region presented in (b) to (h).
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Figure 3. (a–h): Bright-field TEM micrographs of a small implanted region taken under Fresnel
conditions (under-focused) showing He bubble formation and evolution as a function of He+ fluence
in the grain matrices and grain boundaries in W-TiC (1.1%) implanted in-situ with 2 keV He+ at 1223 K.
Scale bar of (b–h) is the same and is shown in (b). Red box in (a) approximately represents a magnified
region presented in (b) to (h).

76



Materials 2020, 13, 794

Figure 4. (Color online) Helium bubble density, average area, and the total change in volume in the
grain matrices of (a) W-TiC and (b) NCW as a function of He+ implantation fluence. (For interpretation
of the references to color in this figure legend, the reader is referred to the web version of this article.)

3.3. Damage Evolution Comparison

While the final total change in volume in the NCW is about half the change in volume in the W-TiC,
indicating higher radiation tolerance of NCW to He+ implantation, the damage evolution (and thus,
the bubble density profile) is quite different. In the W-TiC, the change in volume followed the average
bubble area profile (whereas the bubble number density was saturated). Therefore, bubble damage in
this case is due to the growth of existing He bubbles through the absorption of vacancy, He, and/or
He–vacancy complexes. The small bubble density in W-TiC compared to the NCW bubble density,
in this case, indicates greater defect accumulation (vacancies and possible He–vacancy complexes with
low migration energies) of the former. In addition to the role of high densities of grain boundaries in
limiting irradiation or implantation damage, TiC dispersoids have been shown to assist in the defect
recombination and absorption of excess vacancies acting as vacancy-biased sinks and to contribute
to a higher radiation tolerance of the grain matrices to irradiation damage [12,14]. The same W-TiC
material has previously been demonstrated, under heavy ion irradiation, to have higher irradiation
resistance to cavity and loop formation (in the grain matrices) compared to commercial coarse-grained
tungsten [14]. In previous work [15], nanocrystalline and ultrafine tungsten (where both elongated
nanocrystalline and ultrafine grains coexist—SPD material) was implanted under the same conditions
used in the current work. Bubble density in the grain matrices of the W-TiC was five times higher than
in the SPD material but the average bubble area was ~2.5 times lower in the former. However, the total
change in volume was the same. Relatively lower defect mobility, due to the impurities in the W-TiC,
could potentially lead to more bubble nucleation sites compared to pure tungsten.

The NCW demonstrated a high density of very small bubbles in the grain matrices which was
unexpected. It also showed a decrease in the average bubble size as a function of He+ fluence.
The decrease in average size could be due to the nucleation of new small bubbles, which can decrease
the average bubble size. However, from the histograms of bubble sizes at four different He+ fluences
shown in Figure 5, the average bubble size decrease was shown to be due to a decrease in the sizes
of the individual bubbles. Moreover, the average bubble size continued to decrease even after the
bubble density plateaued. Such a decrease in bubble size has to be associated with the balance of
interstitial and vacancy fluxes against the bubbles in addition to any possible thermal emissions of
vacancies at 1223 K (the latter can be difficult due to the high binding energies of vacancies and
He) [24] and internal pressure changes due to the He concentration change in the bubble. Both a higher
level of interstitial absorption and thermal vacancy emission (the latter of which being suppressed as
mentioned above) can lead to the shrinkage of the bubbles. Moreover, nanoporosity from magnetron
deposited films can be responsible for higher densities of bubble nucleation sites but this porosity can
reduce with irradiation [29] due to adatom accumulation occurring before reaching a stable bubble
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size. Nanoporous materials were shown to enhance irradiation tolerance in different materials [30–32].
Nanoporosity and possible impurities can also limit the mean free path of defect mobility and thus
explain the high density of He bubbles in the NCW. Dislocation loops formed in the NCW were shown
to be highly mobile [13]. The interaction of these loops with He bubbles may cause them to shrink.
There can also be an effect of residual stress on defect absorption, which is yet to be understood in
nanocrystalline materials. Under heavy ion irradiation with no gas introduction, the NCW grades
demonstrated higher irradiation resistance to void formation (but with higher void density) compared
to the SPD material and commercial coarse-grained tungsten [13]. It was shown in the same study
that interstitial and vacancy defects have a higher recombination probability at smaller grain sizes,
meaning that NCW would have less cavity damage. In the current work, the bubble sizes at the grain
boundaries in the NCW (~8–10 nm as shown in inset in Figure 2h) were smaller than those in the W-TiC
grade (~20–25 nm as shown in the inset in Figure 3h). They were also smaller than the bubbles (~10 nm)
at the grain boundaries in the SPD material at the same He+ fluence [15]. This represents lower overall
bubble damage, which is indicative of a lower He–vacancy complex (with low migration energies)
and vacancy transport to the grain boundaries (presumably due to higher levels of recombination).
Moreover, the high density of grain boundaries can lead to lower defect transport (to grain boundaries)
per boundary. It should be mentioned that the very large bubble sizes at the grain boundaries in the
W-TiC material could be due to the TiC impurities at the grain boundaries, which can change the
grain boundary sink efficiency and have been shown to be vacancy-biased, as previously discussed.
The SPD material in reference [33] showed one order of magnitude higher He+ fluence threshold for
fuzz formation compared to commercial tungsten. The NCW in the current work (with its lower total
bubble damage in the grain matrices and grain boundaries) is similarly expected to demonstrate an
improved fuzz resistance. Such a material needs to be examined under plasma conditions to assess its
mechanical property behavior to evaluate its suitability to fusion conditions.

Figure 5. (Color online) normalized bar graphs of bubble size distributions in the grain matrices in
(a) NCW and (b) W-TiC as a function of implantation He+ fluence. (For interpretation of the references
to color in this figure legend, the reader is referred to the web version of this article.)

4. Conclusions

In summary, He bubble damage evolution was studied using in-situ TEM as a function of He+

implantation fluence for two strong fusion material candidates (NCW and ultrafine W-TiC alloy).
The results have been compared to previously studied SPD nanocrystalline and ultrafine tungsten [15].
Grain boundaries were shown to be decorated with large bubbles, indicating efficient He trapping.
He bubble evolution, profiles, and ov]erall bubble damage (total change in volume in grain matrices
and grain boundaries) were found to be different in both grades. The NCW showed a higher density of
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small bubbles but a lower overall change in volume than the W-TiC grade and the previously published
SPD tungsten. The high density of small bubbles in the NCW was unexpected but several phenomena
can govern this observation. Since SPD tungsten possessed a He+ fluence threshold for fuzz formation
that was one of order of magnitude higher than coarse-grained tungsten, the NCW is then expected
to have an even higher He+ fluence threshold (for fuzz formation). This is true if the fuzz formation
mechanism depends on high bubble densities near the surface, as illustrated in previous literature
works. These results indicate that while these materials may have improved fuzz resistance under
plasma exposures and an enhanced tolerance to He damage due to neutron transmutation reactions,
further studies of these materials under fusion conditions need to be performed to develop materials
that can withstand these extreme conditions.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/13/3/794/s1,
Figure S1: (Color online) Helium bubble density, average size, and total change in volume in the grain matrices of
NCW and W-TiC as functions of He+ fluence. (a) shows the original and the adjustment data.
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Abstract: As one candidate alloy for future Generation IV and fusion reactors, a dual-phase 12Cr
oxide-dispersion-strengthened (ODS) alloy was developed for high temperature strength and creep
resistance and has shown good void swelling resistance under high damage self-ion irradiation at
high temperature. However, the effect of helium and its combination with radiation damage on oxide
dispersoid stability needs to be investigated. In this study, 120 keV energy helium was preloaded into
specimens at doses of 1 × 1015 and 1 × 1016 ions/cm2 at room temperature, and 3.5 MeV Fe self-ions
were sequentially implanted to reach 100 peak displacement-per-atom at 475 ◦C. He implantation
alone in the control sample did not affect the dispersoid morphology. After Fe ion irradiation,
a dramatic increase in density of coherent oxide dispersoids was observed at low He dose, but no
such increase was observed at high He dose. The study suggests that helium bubbles act as sinks for
nucleation of coherent oxide dispersoids, but dispersoid growth may become difficult if too many sinks
are introduced, suggesting that a critical mass of trapping is required for stable dispersoid growth.

Keywords: oxide-dispersion-strengthened (ODS); ion irradiation; He implantation; dual-phase;
ferritic-martensitic; self-ion

1. Introduction

Oxide-dispersion-strengthened (ODS) alloys are one class of promising candidate alloys for Gen
IV and fusion reactors due to their superior high temperature strength and creep resistance [1–7].
Among various ODS alloys developed worldwide, a dual-phase ferritic/martensitic (F/M) 12Cr ODS
alloy has shown good high-temperature oxidation resistance and corrosion resistance [3]. This alloy
has specifically controlled excess oxygen and titanium contents to control residual alpha ferrite volume
for superior creep rupture strength [1]. A high level of tempered martensite (TM) volume in the
matrix contributes to good void swelling resistance [4]. Recent studies have shown good grain stability
at 800 displacement-per-atom (dpa) after 600 ◦C self-ion irradiation, and good swelling resistance
(less than 2% and 0.06% at 475 ◦C for the ferrite and TM phases, respectively) [8,9]. These studies also
show that oxide dispersoid size changes saturate with increasing dose. It has been suggested that
the increased dispersoid density upon irradiation may improve the swelling resistance by providing
more recombination sites for point defects [10,11]. A previous study on the same alloy using the same
irradiation condition employed in this study showed that the dispersoid density increased in both
ferrite and TM phases due to ballistic dissolution by irradiation and thermodynamic homogenous
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nucleation at high temperature [10,12]. Due to these properties, the 12Cr ODS alloy is promising for
applications in future reactor designs where the operation conditions are more severe with higher
damage levels and higher temperatures [13].

However, to deploy this alloy into a fast reactor environment, the effect of helium addition
produced by (n, α) transmutation and subsequent He embrittlement needs to be further studied [14].
There have been a few He implantation studies on various ODS alloys [11,15–18]. Yamamoto et al.
observed small-size He bubbles trapped on YTiO clusters during simultaneous neutron and He
irradiation of MA957 [15]. Edmondson et al. also reported similar results on 14YWT after He
implantation alone at high temperature [16]. Yutani et al. investigated the He effect on ODS alloys
using single and dual-ion irradiations at high temperature and reported that smaller nano-sized
particles can induce a high density of small He bubbles and thereby reduce swelling [11]. Heintze et al.
showed that radiation behaviors of ODS alloys are different for single, dual, and sequential He and Fe
ion irradiation [17]. Lu et al. reported that dispersoid densities increase after sequential He and Fe ion
irradiation of 9Cr ODS alloys [18].

Although many He ion implantation studies have been conducted, there is still a need to further
investigate the He effect, particularly in the 12Cr ODS alloy. First, the majority of previous studies
focused on swelling, with little attention on dispersoid stability. Dispersoid morphology changes play
a significant role in influencing creep resistance, which was one of the main motivations for introducing
ODS alloys into nuclear applications. Second, there is no previous report on the He effect on the TM
phase of ODS alloys and is unclear if the effect is similar to that reported in ferritic and austenitic
ODS alloys. The TM phase has demonstrated much better swelling resistance than the ferrite phase.
Thereby TM phase-dominated ODS alloys are very attractive to further improve swelling resistance.

2. Materials and Experimental Procedure

The dual-phase 12Cr ODS alloy was fabricated using a mechanical alloying (MA) process in
Hokkaido University (Sapporo, Japan). The MA processed powders were consolidated using a
spark plasma sintering method at 1100 ◦C and were hot-rolled afterward. The final steps involved
normalization at 1050 ◦C for 1 h and tempering at 800 ◦C for 1 h. More details on the fabrication
process can be found in [3]. The chemical composition of the alloy is provided in Table 1. The 12Cr
ODS alloy was cut into 3 mm × 6 mm × 1.5 mm pieces. Samples were then mechanically polished by
using SiC paper up to p-4000 fine grit, and further polished with 0.25 μm diamond suspension and
0.04 μm silica suspension to remove surface deformation. The final sample thickness was ~0.7 mm.

Table 1. Chemical composition of as-received dual-phase 12Cr oxide-dispersion-strengthened (ODS)
alloy (wt %).

Fe Cr W Ni Ti C N Ar Y2O3 Excess O

Balance 11.52 1.44 0.36 0.28 0.16 0.007 0.006 0.36 0.144

The experiment design is presented in Figure 1. Two pristine specimens were irradiated using
a rastered 120 keV He+ ion beam to a dose of 1 × 1015 and 1 × 1016 ions/cm2, respectively, both at
room temperature. The specimens were then irradiated using a 3.5 MeV Fe2+ defocused ion beam to
reach 100 peak dpa at 475 ◦C using a 1.7 MV tandem accelerator. The average dpa rate was 1.74 × 10−3

dpa/s for the Fe ion beam and the ion fluence yielding 100 peak dpa was 9.83 × 1016 ions/cm2. Note
that the Fe irradiation utilized a multiple beam deflection technique to filter out carbon and other
contaminants [19–22]. The target chamber vacuum was at 4.0 × 10−8–6.0 × 10−8 torr during the
irradiation. Additionally, liquid nitrogen cold trapping in the target chamber was applied [19–22].
For He implantation, a raster beam was used to guarantee beam uniformity over a large irradiation
area. The rastering effect was not a concern for He implantation since the implantation was used
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only to introduce He bubbles. For the Fe irradiation, however, a static defocused beam was used [23].
Our study further included control samples, some irradiated by He ions only, and others by Fe ions only.

Figure 1. Diagram of experimental steps.

All samples were characterized using a Tescan Lyra-3 transmission electron microscope (TEM).
The focused ion beam (FIB) lift-out technique was used to prepare TEM lamella specimens [24], using a
FEI Tecnai G2 F20 Super-Twin (FEI, Hillsboro, OR, USA). The TEM specimen thickness was measured
using electron energy loss spectroscopy (EELS) on a FEI Tecnai F20. Bright-field (BF) and weak-beam
dark-field (WBDF) imaging techniques were used to characterize dispersoid coherency and distribution.
High-resolution TEM (HRTEM) and fast Fourier transform (FFT) were used to confirm the crystal
structure of the dispersoids. The WBDF imaging is a diffraction-contrast imaging using a weakly
excited beam. It is widely used for imaging sub-nano-size features because of better accuracy on
position than normal dark-field (DF). While the desired g (for this study, g110 of matrix) is on the optical
axis and used for a regular DF, the sample is tilted to make the 3g diffraction pattern brightest to make
sg (excitation error) large. This allows diffracting planes to bend locally back into the Bragg-diffracting
orientation to give more intensity in the DF image [25–27].

The average dispersoid diameter was calculated by averaging diameters measured one-by-one
from BF and DF micrographs. Dispersoids were counted only when they were present in both BF
and DF images. The dispersoid density was calculated by dividing the number of counted coherent
dispersoids with (area × specimen thickness) in areas where dispersoids were counted.

The Stopping and Range of Ions in Matter (SRIM) 2013 code was used to calculate damage profiles
and implant distributions. The dpa calculation used the Kinchin–Pease mode and the Fe displacement
threshold energy was chosen to be 40 eV [28,29]. Figure 2 shows the SRIM calculation of the 120 keV
He implant profiles for doses of 1 × 1015 and 1 × 1016 ions/cm2 and the dpa profile for 3.5 MeV Fe
100 peak dpa irradiation. The 3.5 MeV Fe beam penetrates to a maximum depth of 1.5 μm below the
incident surface, and the dpa peak is ~1 μm deep. In the case of 120 keV He, the maximum penetration
depth is approximately 0.5 μm from the surface. The dashed line refers to the 1 × 1015 He/cm2 case
with a He peak at ~600 appm, while the dotted line refers to the 1 × 1016 He/cm2 case with a He peak
at ~6000 appm. The He/dpa ratio at the He peak depth is 14.9 appm/dpa for the 1 ×1015 He/cm2

and 148.8 He/dpa for the 1 × 1016 He/cm2. An energy of 120 keV is selected for He implantation to
avoid the free surface effect and to minimize the injected interstitial effect during subsequent Fe ion
irradiation [30]. Since void swelling by 3.5 MeV ion irradiation is usually maximized in the front half
of the projected range [30], it is ideal to introduce He into the depth region of 300–400 nm. Note that
the average local dpa for this region is about 43 dpa.
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Figure 2. Stopping and Range of Ions in Matter (SRIM) calculations of damage profiles resulting from
3.5 MeV Fe ion irradiation and the He distributions resulting from 120 keV He ion implantation.

3. Results

3.1. He Implantation Only

TEM images were taken from the 350 nm depth region where the He ion peak is located to see the
effect of He implantation on oxide dispersoid size and density. Figure 3a,b shows BF and DF images of
the He implanted sample using (g, 3 g) condition with the g110 direction excited as indicated by the
inset of the diffraction image shown in Figure 3b [24]. The diffraction pattern was obtained from the
same grain where the BF and DF images were taken. A total of 33 coherent oxide dispersoids were
counted in the 300 to 400 nm depth region. The oxide dispersoids have dark contrast in the BF image
regardless of coherency, while only coherent dispersoids appear bright in DF imaging. Other features
such as small dislocation loops or dislocation lines can also appear bright if they are aligned with g110.
However, dislocation lines and dislocation loops are distinguishable from oxide dispersoids in their
shape and contrast under the BF imaging mode. For example, a narrow and long dark contrast line is a
dislocation line as shown in the bottom left corner of Figure 3a, which is clearly distinguishable from
dispersoids. Small dislocation loops (≤4 nm) can be difficult to separate from small dispersoids. In this
study, three factors were considered when distinguishing loops. First, if the shape is not circular, it was
not counted as a dispersoid. Second, if it appears as a black dot rather than as a slightly dark contrast,
it is considered as a loop or dislocation core. Small dispersoids mostly exhibit a coherent relationship
with matrix, yielding slightly darker contrast than the matrix. Third, if the feature has a black-white
contrast, it is a loop lying close to the foil surface [27]. By comparing BF and DF images, coherent
and incoherent dispersoids can be counted separately. Note that only the TM phase was analyzed in
this study for two reasons. First, the TM phase accounts for 80% of the volume of the alloy. Second,
the ferrite phase shows a dramatic dispersoid density change even without He implantation (as shown
in the previous study reported in [10]). In the present study only coherent dispersoids were counted
because newly nucleated oxide dispersoids are prone to take a coherent relationship with the matrix to
achieve lower surface energy [31,32].
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Figure 3. (a) Bright-field, (b) dark-field, (c) under-focused, and (d) over-focused TEM images taken
from 300–400 nm depth region, after 1 × 1015 He ions/cm2 implantation. The diffraction pattern used to
obtain BF and DF images is superimposed on (b) with g110 indexed. He bubbles appear bright and
dark in under-focused and over-focused images, respectively.

Figure 4. (a) High-resolution TEM (HRTEM) of two oxide dispersoids, (b) fast Fourier transform (FFT)
patterns from the HRTEM, and (c) inverse FFT image of dispersoids using FFT patterns in yellow
circles. The d-spacings measured from HRTEM and FFT patterns are 0.29 nm, which agree with (222) of
pyrochlore Y2Ti2O7. The scale bar in (a) applies to (c).

Figure 3c,d shows TEM BF under-focused and over-focused images, respectively, taken from the
300 to 400 nm depth region in the 1 × 1015 He ions/cm2 implanted specimen. In the under-focused
image, He bubbles appear white, while they appear dark in the over-focused image, as indicated by
red arrows. The He bubble size was measured to be less than 1 nm diameter at this depth. Due to the
small size, it is challenging to obtain size and density from the TEM image. The size and density of
oxide dispersoids were counted from this region, and the results are discussed in Section 3.4.

Figure 4a shows a HRTEM image of two different size oxide dispersoids obtained from the He
implanted region. The HRTEM image was taken at the

[
111
]

zone axis of the matrix. Figure 4b shows
the FFT patterns from the matrix and dispersoids that are indexed separately using white triangles and
yellow arrows, respectively. The d-spacings of dispersoids measured from HRTEM and FFT patterns
are 0.29 nm, which agree with (222) plane spacing of pyrochlore Y2Ti2O7. Previous studies on this alloy
also showed that the oxide dispersoids are either orthorhombic Y2TiO5 or pyrochlore Y2Ti2O7 [8,9].
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FFT patterns from the dispersoids (yellow circles in Figure 4b) were used to generate an inverse FFT
image as shown in Figure 4c to highlight the dispersoids in Figure 4a.

3.2. Fe Irradiation Only

Figure 5 shows TEM BF and DF images taken from the Fe-irradiated sample at selected depths.
Images were taken from six different depths, including the out-of-ion range region (2000 nm).
The 2000 nm region was used as a reference point, since it is free from direct ion bombardment
(although it does have a possible thermal annealing effect during the irradiation). The same WBDF
condition utilized for Figure 3b imaging was used for consistency. Figure 5g shows SRIM damage
profile and red arrows are used to show the depths of the TEM characterization. More than 70 coherent
oxide dispersoids were counted from each set of micrographs. As shown in Figure 5, large incoherent
dispersoids are observed at 2000 nm depth, while only small-size, mostly coherent dispersoids are
observed within the ion range (≤1000 nm).

Figure 5. TEM bright-field and dark-field images of a Fe irradiated sample, taken from depths of (a) 200,
(b) 350, (c) 500, (d) 800, (e) 1000, and (f) 2000 nm. Diffraction patterns obtained from the same grain are
superimposed on each DF image with g110 marked by a yellow circle. (g) SRIM Fe damage profile is
shown with red arrows indicating the depths of characterization. The dispersoid size decreased and
the density increased within the ion range.

3.3. He Implantation Followed by Fe Irradiation

Figure 6 shows TEM BF and DF micrograph sets of the 1 × 1015 He preimplanted and Fe irradiated
sample taken from 200, 350, 550, 800, and 1000 nm depths and SRIM calculations of He implant
distribution and Fe damage. The same WBDF condition employed in Figure 5 was used. At a depth of
350 nm, corresponding to the He peak location, the TEM DF image in Figure 6b shows the highest
density of coherent dispersoids. This is evidence that nucleation of coherent oxide dispersoids is
promoted there.

86



Materials 2019, 12, 3343

Figure 6. TEM bright-field and dark-field images of the 1 × 1015 He preimplanted and Fe irradiated
sample at depths of (a) 200, (b) 350, (c) 550, (d) 800, and (e) 1000 nm. Diffraction patterns obtained from
the same grain are superimposed on each DF image with g110 marked by a yellow circle. (f) SRIM
calculations of Fe, dpa, and He implant distributions are included, with red arrows indicating the
depths of characterization. The dispersoid density was greatly increased in (b).

Figure 7 shows TEM BF images of 1 × 1016 He + Fe irradiated sample taken from 300–500 nm
depth region. The average diameter of He bubbles was measured to be 3.4 ± 0.9 nm. A high number
of He bubbles were observed on the grain boundaries, as shown in Figure 7a, suggesting a sink
effect of the grain boundaries. The He bubble density at this depth was measured to be 1.6 × 1023 ±
1.3 × 1022 bubbles/m3. A He bubble denuded zone was observed near grain boundaries. Figure 7b,c
shows under-focused and over-focused images of He bubbles at higher magnification, respectively,
taken from the same region. He bubbles appear bright with enhanced edge contrast in under-focus
images while they appear dark with a vague boundary in over-focus images. Examples are indicated
by the red arrows in Figure 7b,c.

Figure 7. (a) Bright-field TEM micrograph, (b) under-focused image, and (c) over-focused image from
the 300–500 nm depth region of the 1 × 1016 He preimplanted and Fe irradiated specimen.
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Figure 8 shows TEM BF and DF micrographs of the 1 × 1016 He preimplanted and Fe irradiated
sample taken from 200, 350, 550, 800, and 1000 nm depths, along with the SRIM calculations. Unlike
the DF image at 350 nm of the 1 × 1015 He + Fe specimen, the DF image of the 1 × 1016 He + Fe sample
does not show many bright features, suggesting that the higher dose of He preimplantation did not
lead to more nucleation of oxide dispersoids during Fe irradiation. Further analysis on the size and
density of dispersoids is given in Section 3.4.

Figure 8. TEM bright-field and dark-field micrographs of the 1× 1016 He preimplanted and Fe irradiated
specimen taken from depths of (a) 200, (b) 350, (c) 550, (d) 800, and (e) 1000 nm. Diffraction patterns
obtained from the same grain are superimposed on each DF image with g110 marked by a yellow circle.
(f) SRIM calculations are provided to show the depths of TEM characterization. A dispersoid density
increase was not observed in (b).

3.4. Oxide Dispersoid Size and Density Comparison

Figure 9 shows the average oxide dispersoid diameters of different irradiation conditions as a
function of depth. The superimposed dashed and dotted lines refer to the 1 × 1015 and 1 × 1016

120 keV He ion distributions, respectively, and the black solid line shows the Fe damage profile. The Fe
irradiation sample (hollow circles) shows that the dispersoid sizes within the ion range are roughly the
same considering the error bars. This uniformity can be explained by the fact that oxide dispersoid size
is not dependent on local dpa rates as shown in a previous study [24]. Compared with the out-of-ion
range region (2000 nm), oxide dispersoid sizes within the ion range are reduced after Fe irradiation
due to ballistic dissolution [8,9,24].

The size of dispersoids after room temperature 1 × 1015 He implantation, indicated by the star in
Figure 9, is almost the same as the size of oxide dispersoids at 2000 nm depth, which suggests that He
implantation itself does not affect dispersoid morphology. The 1 × 1015 He + Fe irradiated sample
shows slightly larger dispersoid sizes within the heavy ion range, but this is actually not related to
the He preimplantation effect, since the size is still widely distributed at regions >600 nm. Therefore,
considering the error bars, we believe it is a statistical fluctuation varying from sample to sample or
grain to grain. The 1 × 1016 He + Fe irradiated specimen indicated by solid diamonds shows that
dispersoid sizes are similar to that of the Fe irradiated specimen. Overall, there is no clear trend that
He preimplantation affects dispersoid size after subsequent Fe ion irradiation.
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Figure 9. Average dispersoid diameters of Fe irradiated only, He implanted only, and He + Fe irradiated
samples as a function of depth. The SRIM calculations are superimposed. The average size decreased
within the ion range, but no significant difference was observed between the specimens.

Figure 10 shows the dispersoid densities as a function of depth, superimposed with the SRIM
calculations. The He implanted-only sample (indicated by stars) shows a density similar to that of the
out-of-ion-range of the Fe irradiated sample (2000 nm), which implies that He implantation alone does
not affect the dispersoid density, at least when implanted at room temperature at 120 keV energy.

The coherent dispersoid densities, however, are dramatically increased after Fe irradiation as
indicated by circles, and there is a factor of two density increase at 350 nm depth, in comparison
with the point at 2000 nm. On the other hand, the 1 × 1015 He preimplanted + Fe irradiated sample
(indicated by squares) shows the highest coherent dispersoid density at the He ion peak location (350
nm). The enhancement is a factor of 2.7 in comparison with the 2000 nm reference point. The coherent
oxide dispersoid size and density for each case at 350 nm depth and 2000 nm depth are summarized in
Table 2.

For the 1 × 1016 He preimplanted + Fe irradiated specimen (indicated by solid diamonds),
the densities of dispersoid are systematically lower than those of the Fe irradiated sample within the
ion range (≤1000 nm). This suggests that the large-size He bubbles do not affect dispersoid nucleation
under Fe ion irradiation, and there is a possibility that the large bubbles even suppress the nucleation
process. It appears that small-size He bubbles in the matrix assist coherent oxide dispersoid nucleation
during Fe irradiation, resulting in a higher density of coherent dispersoids at the He peak region.
However, this effect occurs only when the He bubble size is small.
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Figure 10. Dispersoid densities of Fe irradiated, He implanted and He + Fe irradiated samples as
a function of depth. The He ion profiles and Fe damage curve are superimposed. The densities
increased within the ion range for all cases, and the highest density was observed after the 1 × 1015

He + Fe irradiation.

Table 2. Summary of coherent oxide dispersoid size and density for each irradiation case.

Specimen Diameter (nm) Density (Particles/m3)

Fe (350 nm) 2.3 ± 0.6 1.2 × 1023 ± 9.6 × 1021

He (350 nm) 2.6 ± 0.7 5.9 × 1022 ± 1.1 × 1022

1 × 1015 He + Fe (350 nm) 2.5 ± 0.5 1.6 × 1023 ± 1.2 × 1022

1 × 1016 He + Fe (350 nm) 2.6 ± 0.6 1.1 × 1023 ± 1.3 × 1022

Fe (2000 nm) 2.8 ± 0.6 6.0 × 1022 ± 4.0 × 1021

Figure 11 shows dispersoid size distributions of Fe irradiated, He implanted, 1 × 1015 He + Fe
irradiated, and 1 × 1016 He + Fe irradiated specimens taken from the 350 nm depth region. Black
solid lines superimposed on each figure are the dispersoid size distribution of the 2000 nm depth
region from the Fe irradiated sample for comparison. With an exception of the He implanted-only
sample, the size distributions follow a gaussian distribution. Figure 11a shows that the dispersoid size
of the 350 nm depth of the Fe irradiated specimen is skewed toward a lower depth, due to ballistic
dissolution. Figure 11b suggests a bi-modal distribution after 1 × 1015 He implantation, with a high
density of dispersoids of both ~3 nm and <2 nm observed.

The 1 × 1015 He + Fe sample shows a size distribution similar to the out-of-range reference point,
but with fewer large dispersoids and a higher frequency of small dispersoids. This means that large
dispersoids dissolved under Fe irradiation, and small coherent dispersoids nucleated. Figure 11d
shows the size distribution of 1 × 1016 He + Fe specimen, and appears very similar to that of Figure 11a.
This means that a high dose of He preimplantation at room temperature does not affect the dispersoid
size or size distribution. As only coherent dispersoids were counted in TM phase, the dispersoid size
distribution remains in the same range (1.5–5.5 nm diameter) for all cases.
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Figure 11. Dispersoid size distributions of (a) Fe irradiated, (b) He implanted-only, (c) He (1× 1015)+ Fe,
and (d) He (1 × 1016) + Fe irradiated samples from the 350 nm depth. Black lines superimposed on
each figure are the dispersoid size distribution at 2000 nm depth of Fe irradiated specimen.

4. Discussion

As its migration energy is low at 0.078 eV, helium can migrate easily and become trapped at
defects such as vacancies, dislocations, grain boundaries, and precipitate surfaces [33]. When He is
trapped by a vacancy, He-vacancy clusters are formed in the matrix [34–38], and these He-vacancy
clusters can attract oxygen due to their high vacancy-oxygen affinity. According to a previous density
functional theory (DFT) study on the vacancy mechanism of high oxygen solubility and nucleation
of stable oxygen enriched clusters in Fe, oxygen in an interstitial position shows a high affinity for
vacancies due to a weak bonding with the Fe matrix [39]. This O-vacancy mechanism further enables
the nucleation of O-enriched nanoclusters, and it further attracts solutes like Ti and Y with high
oxygen affinities. When trapped elements reach certain concentrations, dispersoids are nucleated. In a
similar mechanism, when oxide dispersoids and He bubbles are present in the matrix, dispersoids will
dissolve under irradiation through ballistic dissolution. Then, oxygen from dispersoids and matrix
will form O-enriched nanoclusters at He-vacancy clusters which further attracts Ti and Y to form
oxide dispersoids. We believe that an increase of coherent dispersoid density in the 1 × 1015 He + Fe
irradiation case is due to this mechanism.

It is unclear at this stage why a higher He ion fluence at 1 × 1016 ions/cm2 does not lead to further
increases in dispersoid density. We speculate that at much higher He fluence, the number density of
small cavities or He-vacancy clusters is larger. Thus the amount of O/Ti/Y trapped per cavity may be
reduced significantly. If there is a critical trapping mass required to reach a stable dispersoid, in a way
similar to formation of stable void nuclei, dispersoid growth might be difficult if the trap density is
too large.

The observed opposite trend of He effect on dispersoids appears to be quite similar to the
often-observed He effect on swelling. In previous helium co-implantation studies on various
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non-ODS alloys, it has been reported that helium does not always increase swelling [40–43]. Void
swelling increased for low He/dpa levels and decreased for high He/dpa levels. Helium promotes
cavity nucleation. At low He/dpa levels, cavities are defect sinks for vacancies, and interstitial
loops/dislocations are biased sinks for interstitials. However, if the cavity density is too high at high
He/dpa levels, cavities become the dominant defect sinks. Since cavities are thought to be neutral
sinks for both interstitials and vacancies, defect recombination is promoted instead of biased vacancy
trapping. This leads to limited and saturated void growth [43].

5. Conclusions

A dual-phase F/M 12Cr ODS alloy was preloaded with He atoms by using 120 keV He+ ions at
room temperature at two different fluences of 1× 1015 and 1× 1016 ions/cm2. He was first implanted and
followed by irradiation with 3.5 MeV Fe2+ ion at 475 °C to 100 peak dpa. The He preimplantation effect
on the oxide dispersoids in the TM phase was investigated for the first time in this study. The coherent
oxide dispersoids’ size and density were characterized as a function of depth. The 1 × 1015 ions/cm2

He implantation itself did not change dispersoid sizes. However, the dispersoid density was increased
after sequential He + Fe ion irradiation for the He dose of 1 × 1015 ions/cm2. On the other hand,
such enhancement was not observed for the higher He dose of 1 × 1016 ions/cm2, suggesting that
additional bubble and vacancy cluster trapping may dilute local solute concentrations, which makes
the initial nucleation stage difficult.
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Abstract: A cryo-quenched 70 wt % Fe-15 wt% Cr-15 wt% Ni single-crystal alloy with fcc (face centered
cubic), bcc (body centered cubic), and hcp (hexagonal close packed) phases was implanted with
200 keV He+ ions up to 2 × 1017 ions·cm−2 at 773 K. Surface-relief features were observed subsequent
to the He+ ion implantation, and transmission electron microscopy was used to characterize both
the surface relief properties and the details of associated “swelling effects” arising cumulatively
from the austenitic-to-martensitic phase transformation and helium ion-induced bubble evolution in
the single-crystal ternary alloy. The bubble size in the bcc phase was found to be larger than that
in the fcc phase, while the bubble density in the bcc phase was correspondingly lower. The phase
boundaries with misfit dislocations formed during the martensitic transformation and reversion
processes served as helium traps that dispersed the helium bubble distribution. Swelling caused
by the phase transformation in the alloy was dominant compared to that caused by helium bubble
formation due to the limited depth of the helium ion implantation. The detailed morphology of
helium bubbles formed in the bcc, hcp, and fcc phases were compared and correlated with the
characters of each phase. The helium diffusion coefficient under irradiation at 773 K in the bcc
phase was much higher (i.e., by several orders of magnitude) than that in the fcc phase and led to
faster bubble growth. Moreover, the misfit phase boundaries were shown to be effective sites for the
diffusion of helium atoms. This feature may be considered to be a desirable property for improving
the radiation tolerance of the subject, ternary alloy.

Keywords: FeCrNi alloy; helium bubble; bubble swelling; ion irradiation; phase transformation

1. Introduction

FeCrNi alloys are often considered as model austenitic stainless steels, i.e., systems that are
important structural materials for use in present-day and future nuclear reactors. In particular, such
materials that are able to withstand extreme irradiation doses are of general importance for applications
in advanced nuclear-energy systems [1,2].

Macroscopic radiation damage effects in structural components of nuclear devices, such as fission
or fusion reactors, are the consequence of two fundamentally different types of interactions between
the energetic particles in the irradiation process and the atoms in the material lattice, i.e., atomic

Materials 2019, 12, 2821; doi:10.3390/ma12172821 www.mdpi.com/journal/materials95



Materials 2019, 12, 2821

displacements result in vacancy and self-interstitial type lattice defects and nuclear reactions result in
the introduction of foreign elements. The defect agglomerates that are produced contribute to swelling,
hardening, amorphization, and embrittlement, i.e., properties that may accelerate the materials’
degradation and potentially lead to failure. In particular, the (n, α) transmutation reaction caused
by neutron irradiation produces large amounts of helium atoms that may lead to the precipitation
and formation of helium bubbles [3,4]. This creation of helium atoms in metals is considered to be
of particular concern, since their precipitation into large bubbles can substantially deteriorate the
mechanical properties of the material [5].

Different strategies continue to be explored to enhance the irradiation tolerance of metals and alloys,
including the tolerance of the materials to helium build-up during neutron irradiation. In particular,
the introduction of a high density of grain boundaries and interphase boundaries is one approach for
increasing the radiation resistance that is currently being explored [6–10]. Most grain boundaries and
interfaces are effective sinks for point defects that can potentially lead to enhanced irradiation tolerance.
Atomistic simulations have, in fact, confirmed the ability of grain boundaries to remove collision
cascade-induced point defects in both fcc and bcc metals [11,12]. Additionally, studies of multilayered
composites have shown that heterophase interfaces are also excellent point defect sinks [13].

Recently, Boatner et al. have reported that large-size single crystal Fe-15Cr-15Ni alloys can be
used as a decorative steel after the austenitic-to-martensitic phase transformation is induced by a
cryo-quenching method [14]. Extensive research has also been carried out previously on the formation
of bcc α′-martensite and hcp ε-martensite in Fe-Cr-Ni system alloys [15–18]. For high-temperature
applications, the reverse transformation of these phases to γ-austenite should be considered.
This transformation is of interest both in structural mechanics and radiation resistance considering
the high density of dislocations and phase boundaries formed during the transformation. According
to previous researchers, phase reversion is also significant in relation to the behavior of certain
stainless steels used in reactor applications [19]. The formation and co-existence of α′-martensite, hcp
ε-martensite, and γ-austenite phases in FeCrNi alloys (along with their different radiation behavior)
suggest that it may be possible to markedly improve the irradiation resistance of many materials by
designing or controlling the composition of the constituent phases.

In the present work, we report the properties of the helium bubble evolution in cryo-quenched
single crystal Fe-15Cr-15Ni alloys after He+ irradiation at 773 K. Here, we provide evidence that
radiation tolerance can be improved by misfit phase boundaries between the different phases in the
Fe-15Cr-15Ni alloy. Specifically, the typical features of helium bubbles formed in the fcc and bcc phases
were examined in detail and correlated with the characteristics of each phase.

2. Experimental

The Fe-Cr-Ni alloy specimen used here was produced by first growing a single crystal of a
70 wt % Fe, 15 wt% Cr, 15 wt% Ni composition, referred to as Fe-15Cr-15Ni in this work. High-purity
elemental components (e.g., 99.99% to 99.999% pure Fe, Ni, and Cr) were used to form the alloy. Laue
back-reflection X-ray methods were used to orient Fe-15Cr-15Ni austenitic alloy single crystals that were
then cut using an electric-arc discharge machine to expose the desired crystal surface. These surface
cuts were chosen perpendicular to the (100), (110), and (111) planes of the different single crystals,
respectively. After shaping of the item that was to be produced by the metal-removal method, the
work piece with a crystallographically oriented surface was lapped and then given a final high polish.
The material was then cryogenically quenched at 77 K by immersion in liquid nitrogen followed by a
return to room temperature. Cryogenic quenching results in the formation of a surface relief on the
ternary single-crystal alloy. Additional details on processing this alloy are available elsewhere [14].

The crystal samples with different surface orientations were affixed on a copper block using
a high-temperature silver paste. A thermocouple was attached to the block to monitor the sample
temperature during the He+ irradiation. The crystals were then irradiated with 200 keV He+ ions
at 773 K to a fluence of 2 × 1017 ions cm−2 at a flux of approximately 2 × 1013 ions cm−2·s−1 using
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the Danfysik Research Ion Implanter (Danfysik A/S, Taastrup, Denmark) at the Ion Beam Materials
Laboratory in Los Alamos National Laboratory. During the irradiation process, the target chamber was
maintained at a typical vacuum level of 10−7 Torr. The irradiation-induced damage profile and helium
concentration were predicted using the Stopping and Range of Ions in Matter (SRIM) code by choosing
the calculation type “Ion distribution and quick calculation of damage” [20,21]. The composition
and density of the target in the calculation was the Fe-15Cr-15Ni alloy with a density of 7.987 g/cm3.
Likewise, a value of 40 eV was set for the displacement energy threshold energy for Fe, Cr, and Ni [22].

The irradiated samples were analyzed using transmission electron microscopy (TEM) and scanning
transmission electron microscopy (STEM) in cross-section. All of the TEM samples were prepared by
focused ion beam (FIB) lift-out techniques. The TEM samples were examined using JEOL 3011 (JEOL,
Tokyo, Japan) and JEOL 3100RS (JEOL, Tokyo, Japan) transmission electron microscopes operated
using 300 keV electrons. The helium bubbles formed during the irradiation process were imaged by
conventional TEM with a Fresnel contrast mechanism, and the crystallographic structure was analyzed
by high-resolution TEM (HRTEM) and selected area diffraction (SAD) techniques.

3. Results

3.1. Surface Morphology after Helium Irradiation at 773 K

After He+ irradiation at 773 K, a relief pattern formed on the surface of the Fe-15Cr-15Ni single
crystal. SEM results in Figure 1 show the surface relief patterns formed on {001}, {011}, and {111}
surfaces. Since the samples were polished before the He+ ion irradiation, the surface-relief features
after He+ ion irradiation may be induced by either a phase transformation at the elevated temperature
during the implantation or helium bubble swelling or a combination of both. Similar structures were
also reported by Breedis [23], in grains of polycrystal of a Fe-16Cr-12Ni alloy (previously quenched to
173 K) when annealing the samples at 673 to 1173 K.

 
Figure 1. Optical micrographs of the surface morphology of the cryo-quenched Fe-15Cr-15Ni
single-crystal alloy after He+ irradiation to 2 × 1017 ions cm−2 at 500 ◦C (irradiated surfaces are
well polished prior to He+ irradiation).

3.2. Microstructural Observations of γ-Austenite, α′-Martensite, and ε-Martensite

The decorative surface structures produced from cooling an Fe-15Cr-15Ni alloy single crystal have
been reported previously by Boatner et al. [14] as consisting primarily of two differing crystalline phases
(i.e., austenite and retained martensite) after cycling through the phase transition. In Fe-15Cr-15Ni
austenitic stainless steels, two martensitic phases form after cooling below Ms. temperature (the
martensite start temperature). The ε martensitic phase has an hcp structure and forms as plates, while
α′ martensite with a bcc structure forms as laths having a <110>γ long direction, lying in bands
bounded by {111}γ planes [23,24].
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Helium irradiation was performed at 773 K, which means the samples were effectively undergoing
heat treatment that might induce some phase alteration effects (e.g., a martensite reverse transformation).
Various microstructural features of reversed γ have been reported [24–26], including stacking faults,
fine twins, and areas with a high dislocation density and subgrains.

Figures 2 and 3 show results for TEM samples that were lifted out from the surface relief and
depression regions, respectively. Figure 2 shows an area containing hcp regions. Figure 2a shows
the hcp phase at one of its zone axes, and Figure 2b shows the corresponding electron diffraction
pattern. Figure 2c,d show the most common morphology of the ε-martensite phase, that is a nano-layer
hcp phase in this case. Figure 3a shows an area containing bcc regions, with a lath-like band
crossing over the entire cross-section of the sample. The crystallographic relationships between the
austenite (γ) and bcc phases were examined in the electron microscope by placing an appropriate
diffraction aperture across a common boundary to allow the superposition of both grain orientations
in the same selected area diffraction (SAD) pattern (Figure 3a). The results are exemplified in the
composite shown in Figure 3 that illustrates the following orientation relationships: {111}γ//{011}α′ ,
[101]γ//[111]α. The fcc/bcc orientation relationships were consistent along with the Kurdjumov–Sachs
(K–S) relationship. Additional evidence via high-resolution TEM (HRTEM) is shown in Figure 3c,d,
which confirms the fcc and bcc structure.

 

 

Figure 2. TEM images of the microstructure of the Fe-15Cr-15Ni alloy cryogenically treated at 77 K
and heated to 773 K for a 2 × 1017 ions cm−2 He+ irradiation—showing ε martensite in the matrix.
(a) ε-martensite (hcp phase) and (b) corresponding electron diffraction pattern, (c) and (d) nano-layers
of ε-martensite.
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Figure 3. TEM images of the microstructure of the Fe-15Ni-15Cr alloy cryogenically treated at 77 K
and heated to 773 K for a 2 × 1017 ions cm−2 He+ irradiation—showing α′ martensite lath that formed
with the <110> direction. The surface depression is related to the martensitic reverse transformation.
(a) TEM micrograph showing a martensite lath in matrix, (b) STEM micrograph show helium bubbles
(black dots) in martensite lath and matrix, (c) and (d) is inversed FFT showing fcc and bcc structure of
martensite lath and matrix.

3.3. Irradiation Damage of Cryo-Quenched Fe-15Cr-15Ni Alloy

The dose and helium concentration as a function of sample depth, as predicted by SRIM for the
sample irradiated to a fluence of 2 × 1017 ions cm−2, are shown in Figure 4a. The dose shows the
predicted damage profile extending from the surface to a depth of 700 nm with a peak damage of
~5 dpa at 500 nm. The predicted helium concentration profile reveals a relatively sharp peak, extending
from 400 to 700 nm with a peak of 1 × 105 appm of helium at a depth of 550 nm.

Cross-section TEM micrographs recorded in “under-focused” conditions for the sample irradiated
to 2 × 1017 ions cm−2 are shown in Figure 4b. The resulting Fresnel contrast observed here is indicative
of cavities (either bubbles or voids) in the matrix. In this particular material, these cavities are
pressurized helium bubbles. The discernible bubbles extend from the surface to a depth of ~800 nm.
As expected, the bubbles in the regions of the higher helium concentrations are, on average, larger than
those in the lower-concentration regions—although significant variations in the sizes were observed
with increasing distance from the implantation surface. Larger bubbles are observed in the center of
the band of bubbles, and smaller bubbles are found on either side of these regions.
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Figure 4. (a) The damage distribution in dose (dpa) and helium concentration for 200 keV He+

irradiation to 2 × 1017 ions cm−2, as predicted by SRIM. (b) A bright-field Fresnel-type image recorded
in an under-focused condition where the bubbles are shown as bright regions.

3.3.1. Helium Bubble Distribution in the Cryo-Quenched Fe-15Cr-15Ni Alloy

Cryo-quenching to 77 K induced a phase transformation in the Fe-15Cr-15Ni alloy single
crystal [14]. Diffractometer evidence from single crystals and polycrystalline aggregates shows
that three structures (fcc, hcp, bcc) occur in varying proportions. To investigate the helium bubble
distribution in cryo-quenched Fe-15Cr-15Ni alloy, samples with [110]γ, [100]γ, [111]γ, and [112]γ zone
axes parallel to the incident electron beam were selected.

In order to study the radiation-induced defects as well as the helium bubble formation and
growth processes, cross-section TEM characterization of the irradiated bulk materials was carried out.
TEM was employed to investigate both the helium bubble morphology and phase transformation.
Figure 5 shows the helium bubble distribution and irradiation-induced features at low magnification
for samples with the (001)-, (011)-, and (111)-orientations. No channeling effect was observed, and the
helium distribution matches the SRIM predictions.
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Figure 5. Low magnification of 200 keV He+ irradiated Fe-15Cr-15Ni samples with different orientations
(a) [111], (b) [011], (c) [001]. No channeling effect was observed.

Due to the high-temperature irradiation, faceted helium bubbles were observed in all of the
irradiated samples. Figure 6 shows the details of the faceted helium bubbles at higher magnification.
As indicated by the lines and inserted diffraction patterns in Figure 6a–c, although the bubble size
distribution is broad, the shape of the bubbles is faceted. There are preferential orientations for the
facets (viewed along the zone axis of [011]): The edges of all of the faceted bubbles are parallel to [001],
[11–1], or [–11–1].

  

 

Figure 6. Comparison of the experimental observations of helium bubbles with the projected shape of
an octahedron for the different zone axes: (a) [111], (b) [011], and (c) [001] in the fcc matrix.

Based on these observations, a polyhedron composed of {111} planes is suggested to surround
the bubble. Geometric construction of a polyhedron consisting of {111} planes shows an octahedral
shape. In most cases, a truncated octahedron or octahedron with rounded edges and corners is more
energetically favorable [27]. Since it is embedded in the substrate and consists of {111} substrate planes,
the octahedron has the same symmetry as the substrate. In order to minimize the overall free energy,
it is expected that the facets with the lowest surface energy will occupy most of the surface. In the
fcc structure, the lowest surface energy is found on the most closely packed {111} planes. In our case,
{100} planes occupy the corners of the octahedral composed of {111} planes, which means that there
is a {111} octahedron with six {100} truncations. The total surface area of a faceted bubble with the
{111} surface decreases when the bubble is truncated by the {100} planes. A truncated octahedron or
rounded corners are more energetically favorable.

Figure 3 represents the process of phase identification from a [111]γ zone axis. As shown in
Figure 3a, a long, narrow trace passes through the entire cross-section of the image, illustrating the
existence of the α-structure. It shows the α-phase with a thickness of ~20 nm. At higher magnification,
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as shown in Figure 7a, faceted bubbles in the bcc phase are observed. Figure 7b shows the indexed
SAD pattern, indicating that the fcc and bcc phases are associated with the zone axis of [111]γ//[011]α.
The observed orientation relationship is consistent with the well-known K–S (Kurdjumov–Sachs)
relationship, i.e., the [111]γ//[011]α of fcc and bcc lattices.

 

Figure 7. (a) Faceted helium bubbles in an α′-martensite lath (bcc phase). The orientation relationship
between γ-austenite and α′-martensite was determined by (b) the SAD pattern, {111}γ//{011}α′ ,
[101]γ//[111]α

Also shown in Figure 7 are the different helium bubble morphologies in the fcc and bcc phases.
In the fcc phase, the helium bubbles are somewhat rounded. In the bcc phase, however, the helium
bubbles are less rounded and more “plate-like” in (and near) the helium peak area. The facets of the
helium bubbles in the bcc phase are composed of {011}α and {001}α planes.

The TEM micrographs show narrow (nm wide) traces that are parallel to {111}γ in different
irradiated samples with different orientations, i.e., [112] and [011]. Figure 8 is a TEM image that shows
the microstructures observed at a depth of 300 nm from the sample surface. Clearly, the BF TEM image
and SAD patterns reveal the formation of overlapping fcc and hcp phases. The SAD pattern was
recorded by tilting the specimen along the beam direction of [211] γ- austenite. Figure 8b shows the
indexed SAD pattern, comprised of fcc phase and hcp phases. The low-energy surfaces in the fcc phase
are (111), (100), and (011), and the low energy surfaces in the hcp phase are (01–11), (0001), (01–10),
and (11–20). Faceted helium bubbles are observed with two different morphologies, following the
minimized energy rule in the fcc and hcp phases.

  

Figure 8. (a) TEM micrograph and (b) SAED pattern show the evidence of the co-existence of fcc and
hcp phases along with helium bubbles in the irradiated area.
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3.3.2. Helium Bubble-Induced Swelling and Phase Transformation-Induced Surface Relief

Cross-section samples were prepared by the FIB lift-out technique from the surface relief areas.
Figure 9 shows the cross-section TEM sample from a surface relief area where a second phase is
observed that is consistent with the surface “upheaval” or dilation feature. At higher magnification,
Figure 10a,b show helium bubbles at the helium peak concentration region in the fcc and bcc phases.
The helium bubbles are much larger but less dense in the bcc phase than in the fcc phase. In order to
determine the qualitative effect of the two different phases, the number of the helium bubbles in the
peak area was characterized. In the peak helium concentration region, the helium bubbles exhibit the
greatest variation in bubble size in the different phases. The plotted results are shown in Figure 10c.
The average sizes of helium bubbles in the bcc phase and fcc phases are about ~18 and ~9 nm in
diameter, respectively. The density of helium bubbles in the bcc phase is two times lower than that in
the fcc phase. The bubble swelling is ~8% in the bcc phase and ~4% in the fcc phase. Because these
two areas are adjacent with the same implanted helium concentration, the difference in helium bubble
formation can be directly observed and compared. According to the difference in the bubble swelling
between the fcc and bcc phases, the surface dilation would only be several nanometers in height.
The lattice parameter ratio, aγ/aα′ , is 1.244, as calculated from the diffraction pattern in Figure 8b.
The “swelling” induced by the bcc phase is about 3.7%, according to the natural lattice differentials.
This result cannot yield values of the surface relief that span a range of tens to hundreds of micrometers
for our bulk samples. To evaluate the phase transformation contribution to the surface relief, the TEM
sample containing both surface “upheaval” and depression was characterized. From the TEM results
(Figure 9), it is directly observed that the α′-martensite phase is strongly related to surface relief.

 

Figure 9. TEM images of the microstructure of the Fe-15Cr-15Ni alloy cryogenically treated at 77 K
and heated to 773 K for a 2 × 1017 ions cm−2 He+ irradiation—showing the α′-martensite phase
(transformation) that is related to the surface relief at (a) high magnification and (b) low magnification.
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Figure 10. Surface dilation and helium bubbles corresponding to the fcc and bcc phases, (a,b),
respectively. (c) Statistical data for the helium bubbles formed in the bcc and fcc phases—including the
bubble size, bubble density, and bubble swelling.

3.3.3. Helium Bubbles along Phase Boundaries

As illustrated in Figure 11, a TEM micrograph shows a helium bubble distribution along a coherent
twin boundary that has a {111} boundary plane. Figure 11a shows that a large number of helium
bubbles with a small size were formed in the vicinity of the coherent fcc–hcp phase boundary after
irradiation at 773 K. The distribution of these helium bubbles is roughly uniform, and there are no
obvious bubble-denuded zones along the coherent twin boundary. This observation is consistent with
previous investigations on irradiated Cu, i.e., the defect agglomerates formed around coherent twin
boundaries are similar as those in the interior of the grains. Statistical results are plotted in Figure 11b
and the corresponding microstructure is shown in Figure 11a. Compared with the matrix, helium
bubbles at the coherent twin boundary are distributed with average diameters that are smaller and the
bubble density is higher.

104



Materials 2019, 12, 2821

 

  

Figure 11. TEM micrograph (a) and statistical data (b) for the helium bubbles along the fcc–lamellae
hcp boundary, including the helium bubble size, helium bubble density, and bubble swelling.
(c) High-resolution TEM confirms the presence of coherent phase boundaries between the hcp and
fcc phases.

4. Discussion

4.1. Phase Transformation in the Fe-15Cr-15Ni Alloy

4.1.1. Reversion of bcc Martensite in Fe-15Cr-15Ni Alloy

As shown in Figure 1, the surface relief spans a range of 100 μm after He+ irradiation at
773 K. The same phenomenon was observed by Breedis and Roberson [23]. They reported that the
surface relief was produced after reheating the cryo-quenched Fe-16Cr-12Ni sample. Subsequent
transformation produces surface upheavals (dilation) or depressions at the identical sites of the previous
transformation. West [25] indicated that the martensite reverse transformation that occurs between As

(austenite initiation temperature) and Af (austenite formation final temperature) of Fe-Cr-Ni austenitic
alloys is very different depending on the alloy composition. The As and Af temperatures for the α′
to γ transformation is 813 and 923 K for the Fe-18Cr-8Ni, and 743 K and 883 K for the Fe-18Cr-12Ni
composition. The Fe-18Cr-12Ni alloy has the higher Ni content that lowers the Ms as well as the
As temperatures [24]. From the previous results, one may speculate that the As temperature of
Fe-15Cr-15Ni should be around 773 K, i.e., the temperature of the He implantation. This means the α′
to γ transformation potentially occurred during the He+ irradiation.

4.1.2. Phases in Cryo-Quenched-Reheated Single Crystal Fe-15Cr-15Ni Alloy

We observed bcc, hcp, and fcc phases in our Fe-15Cr-15Ni alloy. Extensive research has been
carried out on the formation of hcp and bcc martensites in austenitic stainless steels, based on
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the model Fe-Cr-Ni system. In the work of Coleman, West, and Breedis, all three phases were
found in a cryo-quenched-reheated FeCrNi alloy [28]. Observations have been reported of reversed
austenite nucleating either within the bcc phase or being formed athermally from whole bcc laths.
They indicated that two alternative explanations for the appearance of an hcp structure in the Fe-Cr-Ni
alloy. One explanation is that the increase in volume due to the formation of the bcc structure produces
extensive faulting of the austenite phase. The second possible explanation is attributed to the formation
of the hcp structure as an intermediate structure in the transformation sequence.

4.2. Helium Bubbles Evolution in fcc, bcc, and hcp Phases

4.2.1. Faceted Bubble Formation

Based on the present observations, a polyhedron composed of {111} planes is expected to surround
the bubbles. As noted above, geometric construction of a polyhedron consisting of {111} planes yields
an octahedral shape. Nelson determined that the surface energy sequence for fcc iron is E(111) <
E(100) < E(110) [29]. In our case, the {100} planes occupy the corners of the octahedron composed of
{111} planes, yielding a {111} octahedron with a six {100}-plane truncation. The total surface area of a
faceted bubble with the {111} surface decreases when the bubble is truncated by the {100} planes so the
truncated octahedron or rounded corners are therefore more energetically favorable.

The bubble formation characteristics in a bcc structure have received relatively less attention.
In Figure 8, the faceted helium bubbles are composed of {100}bcc and {110}bcc planes. It is interesting to
note that helium bubbles in the lower helium concentration range are elongated along the {100}bcc

surface, while they become more “square” in shape in the He peak range. The distinct {100}bcc facets
are consistent with the results in the literature [30–33]. In order to minimize the overall free energy, the
facets with the lowest surface energy will occupy most of the bubble surface, and in the bcc structure,
the low surface energy is {100}, {110}, and {111}.

Helium bubbles in the hcp phase have a polyhedral geometry bounded by {0001}, {0111}, and
{0110} facets, as determined by viewing the voids along the <2110> zone axes. Given the fact that the
surface energies of the {0001} and {0111} surfaces are similar, and slightly lower than that of {0110} [34],
the equilibrium bubble shape should be approximately equiaxed [35].

4.2.2. Helium Bubble Size in the bcc and fcc Phases

In the present study, the helium concentration and thermal treatment were the same in the bcc
and fcc phases. The most important factor that affects the helium bubble nucleation and growth should
be the helium atom diffusion process. Because helium has an extremely low solubility in metals, its
diffusion is a basic requirement for bubble nucleation and growth [36]. It is the result of random
jumps of helium atoms from one stable lattice site to another or diffusion of helium as interstitials.
The dominant positions for helium atoms in a lattice are interstitial and substitutional sites, and the
preferential position and dominant migration mode depend on the temperature as well as on the
irradiation conditions. For helium diffusion under ion irradiation, atomic displacements and resulting
vacancies, self-interstitial atoms (SIAs), and clusters of these defects play an important role. Singh also
indicated that the dominant mechanism of helium atom diffusion is the “replacement mechanism”
between 0.2 and 0.5 Tm [3]. Bubble growth by the dissolution and re-trapping mechanism requires
the transport of helium atoms and vacancies. Variation of the size, r, and density, ρ, of bubbles as a
function of the annealing time is described by the relations [37]:

r ∼ (DHe)
1/n, (1)

ρ ∼ 1/DHe, (2)

where DHe is the diffusion mobility of the helium in the matrix, and the exponent, n, depends on the
bubble-growth mechanism (n = 2~6 [38]). In the present study, the temperature of helium implantation
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was at 773 K (0.2 Tm < 773 K < 0.5 Tm), which corresponds to the application range of this mechanism
(i.e., dissolution and re-trapping).

An analysis of Equations (1) and (2) above shows that as bubbles grow by the dissolution and
re-trapping method, the smaller the value of DHe, the smaller the bubbles and the higher their density
should be. Other researchers have indicated that the diffusion coefficient of helium atoms in bcc
steel is higher than that in fcc steel by several orders of magnitude when it is in the intermediate
temperature range (600 K < T < 1200 K) [39]. This is comparable to the results in our study where the
helium bubbles in the fcc phase are larger and their density is smaller than in the bcc phase. Bubble
nucleation, under identical irradiation and annealing conditions, occurs in fcc metals much earlier than
in bcc metals [38,40], and during He+ implantation, a helium atom injected into an Fe lattice would be
expected to be located at an interstitial (i.e., tetrahedral) site.

4.2.3. Phase Transformation Comparison with Helium Bubble Swelling

Reversion of the austenite phase in a Fe-15Cr-15Ni alloy, as pointed out above, induces surface
relief features up to several micrometers in size. According to the measurement and calculation of
helium bubble swelling effects, e.g., ~8% in the bcc phase and ~4% in the fcc phase in Figure 9c, the
bubble swelling-induced changes on the surface relief height would only be about 16 and 8 nm in
the bcc phase and the fcc phases, respectively, due to the limited depth range affected by the helium
implantation (e.g., up to ~800 nm as shown in Figure 4). Thus, bubble swelling in both bcc and fcc
phases is not the primary reason responsible for the measured surface relief in the sample studied
here. However, “swelling” induced by the bcc phase transformation is only about 3.7%, based on
the lattice differentials. Therefore, the bubble-produced swelling would be much more significant
than the surface relief caused by the phase transformation if the helium concentration were constant
throughout the sample thickness.

4.3. Helium Bubbles Evolution along the Phase Boundary with Misfit Dislocations

Grain/phase boundaries are considered as effective sites for trapping helium. Generally, possible
effects of helium bubble formation on mechanical properties are embrittlement where intergranular
fracture is induced by helium bubbles’ growth and coalescence. In the past decades, people have
made the effort to find interfaces that are excellent in trapping helium and susceptible to helium
embrittlement simultaneously.

In this work, as well as some previously reported investigations [41,42], it is clear that the misfit
dislocation structure plays a crucial role in helium nucleation. Helium bubbles on the phase boundary
with misfit dislocations, described above, are smaller and denser. These observations indicate that
boundaries with misfit dislocations are the preferred trapping sites for helium and will also induce
helium dispersion. In the investigation of helium at grain boundaries in austenitic steels, Lane and
Goodhew [41] also found that helium bubble densities were greatest at grain boundaries containing
misfit dislocations and that these dislocations were, in fact, preferred bubble nucleation sites.

Based on the previous investigations [43] and this study, we may begin to envision new ways
for how interfaces may be engineered to control the properties of helium implanted into structural
materials. For example, by controlling the distribution of phase boundaries with misfit dislocation,
helium bubbles or bubble nuclei may be templated with desired nucleation sites, bubble density,
and size.

Helium is highly mobile in most metals [44,45], and is an important factor on controlling the voids’
nucleation and growth. When atomic displacement occurs, both helium atoms and the radiation-induced
defects are essential for the formation and growth of helium cavities [46]. Wang reported the influence
of the helium concentration on the void formation of ferritic martensitic steels under very high radiation
damage (up to 500 dpa) and their work also indicated that at certain helium concentrations, helium
can suppress void swelling [47]. This is caused by trapped helium or the helium–vacancy complex
serves as the nucleation site for voids. Wei reported that in a fcc/bcc multilayer system, the change in
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hardness is negligible when the layer thickness is less than 10 nm following helium implantation [9]. If
the helium or helium–vacancy cluster can be dispersed by tailoring material with misfit phase/grain
boundaries, it may effectively suppress the void growth. This may be a new method to design nuclear
materials with high helium tolerance and less helium embrittlement bias.

5. Conclusions

(1) Single crystals of a 70Fe-15Cr-15Ni alloy transform from a fcc- to a bcc-structured martensitic
phase on cooling to the liquid nitrogen temperature and a reverse transformation when the temperature
was returned to room temperature and continued to evolve during He+ ion irradiation at 773 K along
with an accompanying intermedium phase of the hcp structure. The reverse transformation also
induced significant surface relief.

(2) The size of the ion implantation-induced helium bubbles and the corresponding swelling of the
bcc phase were significantly larger than that in the fcc phase at the peak helium concentration depth.
The helium diffusion coefficient in the bcc phase was higher than that in the fcc phase by several orders
of magnitude at the irradiation temperature (773 K). This lead to faster bubble growth in the bcc phase.

(3) Compared to the volume change induced during the phase transformation (fcc to bcc), the
bubble-induced swelling was actually much more significant even though the surface relief caused
by the phase transformation in the samples investigated in this study was dominant because of the
limited depth of the helium implantation.

(4) The faceted bubbles preferred to grow in a shape consisting of the most closely packed planes
in both the fcc and bcc phases where the surface energy is a minimum, consistent with previous
experimental observations.

(5) Helium bubbles formed along the “plate-like” intermediate hcp phase and its boundary with
the fcc matrix were smaller and had a higher density compared to that in the matrix. The misfit phase
boundaries can be an effective site for the dispersion of helium atoms, and this property may help to
increase the swelling resistance of the material.

Author Contributions: Conceptualization, L.B. and Y.Z.; Investigation, F.Z., L.W., L.B. and Y.Z.; Resources, Y.W.
and D.C.; Writing-Original Draft Preparation, F.Z.; Writing-Review & Editing, F.Z., L.W., Y.Z., Y.W. and L.B.;
Project Administration, Y.Z.; Funding Acquisition, Y.Z.

Funding: This work was supported as part of the Energy Dissipation to Defect Evolution (EDDE) center, an Energy
Frontier Research Center funded by the US Department of Energy (DOE), Office of Science, Basic Energy Sciences.

Acknowledgments: Authors are grateful to EDDE center for supporting this work. Helium ion implantations
were supported by the Center for Integrated Nanotechnologies (CINT), a DOE Office of Science User Facility
jointly operated by Los Alamos and Sandia National Laboratories. Electron microscopy analysis was conducted at
the Michigan Center for Material Characterization (MC2).

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Nastasi, M.; Mayer, J.; Hirvonen, J.K. Ion-Solid Interactions: Fundamentals and Applications; Cambridge
University Press: Cambridge, UK, 1996.

2. Zinkle, S.J.; Busby, J.T. Structural materials for fission & fusion energy. Mater. Today 2009, 12, 12–19.
3. Trinkaus, H.; Singh, B. Helium accumulation in metals during irradiation—Where do we stand? J. Nucl. Mater.

2003, 323, 229–242. [CrossRef]
4. Zhang, F.; Wang, X.; Wierschke, J.B.; Wang, L. Helium bubble evolution in ion irradiated Al/B4C metal metrix

composite. Scr. Mater. 2015, 109, 28–33. [CrossRef]
5. Schroeder, H.; Kesternich, W.; Ullmaier, H. Helium effects on the creep and fatigue resistance of austenitic

stainless steels at high temperatures. Nucl. Eng. Des. Fusion 1985, 2, 65–95. [CrossRef]
6. Zhuo, M.; Fu, E.; Yan, L.; Wang, Y.; Zhang, Y.; Dickerson, R.; Uberuaga, B.; Misra, A.; Nastasi, M.; Jia, Q.

Interface-enhanced defect absorption between epitaxial anatase TiO2 film and single crystal SrTiO3. Scr. Mater.
2011, 65, 807–810. [CrossRef]

108



Materials 2019, 12, 2821

7. Rose, M.; Balogh, A.; Hahn, H. Instability of irradiation induced defects in nanostructured materials.
Nucl. Instrum. Methods Phys. Res. Sect. B Beam Interact. Mater. Atoms 1997, 127, 119–122. [CrossRef]

8. Li, N.; Fu, E.; Wang, H.; Carter, J.; Shao, L.; Maloy, S.; Misra, A.; Zhang, X.; Maloy, S. He ion irradiation
damage in Fe/W nanolayer films. J. Nucl. Mater. 2009, 389, 233–238. [CrossRef]

9. Wei, Q.; Li, N.; Mara, N.; Nastasi, M.; Misra, A. Suppression of irradiation hardening in nanoscale V/Ag
multilayers. Acta Mater. 2011, 59, 6331–6340. [CrossRef]

10. Singh, B.N. Effect of grain size on void formation during high-energy electron irradiation of austenitic
stainless steel. Philos. Mag. 1974, 29, 25–42. [CrossRef]

11. Samaras, M.; Derlet, P.M.; Van Swygenhoven, H.; Victoria, M. Computer Simulation of Displacement
Cascades in Nanocrystalline Ni. Phys. Rev. Lett. 2002, 88, 125505. [CrossRef]

12. Bai, X.M.; Voter, A.F.; Hoagland, R.G.; Nastasi, M.; Uberuaga, B.P.; Bai, X. Efficient Annealing of Radiation
Damage Near Grain Boundaries via Interstitial Emission. Science 2010, 327, 1631–1634. [CrossRef] [PubMed]

13. Misra, A.; Demkowicz, M.J.; Zhang, X.; Hoagland, R.G. The radiation damage tolerance of ultra-high strength
nanolayered composites. JOM 2007, 59, 62–65. [CrossRef]

14. Boatner, L.; Kolopus, J.; Lavrik, N.V.; Phani, P.S. Cryo-quenched Fe-Ni-Cr alloy single crystals: A new
decorative steel. J. Alloys Compd. 2017, 691, 666–671. [CrossRef]

15. Venables, J.A. The martensite transformation in stainless steel. Philos. Mag. 1962, 7, 35–44. [CrossRef]
16. Lagneborgj, R. The martensite transformation in 18% Cr-8% Ni steels. Acta Met. 1964, 12, 823–843. [CrossRef]
17. Fujita, H.; Ueda, S. Stacking faults and fcc (γ)→ hcp (ε) transformation in 188-type stainless steel. Acta Metall.

1972, 20, 759–767. [CrossRef]
18. Brooks, J.; Loretto, M.; Smallman, R. In situ observations of the formation of martensite in stainless steel.

Acta Met. 1979, 27, 1829–1838. [CrossRef]
19. Poirier, J.; Dupouy, J. Proceedings of the International Conference on Irradiation Behavior of Metallic Materials for

Fast Reactor Core Components; CEA: Ajaccio, France; 1979; p. 425.
20. Ziegler, J.F.; Ziegler, M.; Biersack, J. SRIM—The stopping and range of ions in matter. Nucl. Instrum. Methods

Phys. Res. Sect. B Beam Interact. Mater. Atoms 2010, 268, 1818–1823. [CrossRef]
21. Stoller, R.; Toloczko, M.; Was, G.; Certain, A.; Dwaraknath, S.; Garner, F. On the use of SRIM for computing

radiation damage exposure. Nucl. Instrum. Methods Phys. Res. Sect. B Beam Interact. Mater. Atoms 2013, 310,
75–80. [CrossRef]

22. ASTM E521-16: Standard Practice for Investigating the Effects of Neutron Radiation Damage Using Charged-Particle
Irradiation; ASTM International: West Conshohocken, PA, USA, 2016.

23. Breedis, J.; Robertson, W. The martensitic transformation in single crystals of iron-chromium-nickel alloys.
Acta Metall. 1962, 10, 1077–1088. [CrossRef]

24. Guy, K.B.; Butler, E.P.; West, D.R.F. Reversion of bcc α′ martensite in Fe–Cr–Ni austenitic stainless steels.
Met. Sci. 1983, 17, 167–176. [CrossRef]

25. Smith, H.; West, D.R.F. The reversion of martensite to austenite in certain stainless steels. J. Mater. Sci. 1973,
8, 1413–1420. [CrossRef]

26. Coleman, T.H.; West, D.R.F. The Reversion of Martensite to Austenite in an Fe–16Cr–12Ni Alloy. Met. Sci.
1975, 9, 342–345. [CrossRef]

27. Wei, Q.; Li, N.; Sun, K.; Wang, L. The shape of bubbles in He-implanted Cu and Au. Scr. Mater. 2010, 63,
430–433. [CrossRef]

28. Breedis, J.F.; Kaufman, L. The formation of Hcp and Bcc phases in austenitic iron alloys. Met. Mater. Trans. A
1971, 2, 2359–2371. [CrossRef]

29. Nelson, R.S.; Mazey, D.J.; Barnes, R.S. The thermal equilibrium shape and size of holes in solids. Philos. Mag.
1965, 11, 91–111. [CrossRef]

30. Luklinska, Z.; Goodhew, P.; Von Bradsky, G. Helium bubble growth in ferritic stainless steel. J. Nucl. Mater.
1985, 135, 206–214. [CrossRef]

31. Möslang, A.; Preininger, D. Effect of helium implantation on the mechanical properties and the microstructure
of the martensitic 12% Cr-steel 1.4914. J. Nucl. Mater. 1988, 155, 1064–1068. [CrossRef]

32. Fréchard, S.; Walls, M.; Kociak, M.; Chevalier, J.; Henry, J.; Gorse, D. Study by EELS of helium bubbles in a
martensitic steel. J. Nucl. Mater. 2009, 393, 102–107. [CrossRef]

33. Goodhew, P. Shapes of pores in metals. Met. Sci. 1981, 15, 377–385. [CrossRef]

109



Materials 2019, 12, 2821

34. Johansen, C.G.; Huang, H.; Lu, T.-M. Diffusion and formation energies of adatoms and vacancies on
magnesium surfaces. Comput. Mater. Sci. 2009, 47, 121–127. [CrossRef]

35. Jostsons, A.; Farrell, K. Structural damage and its annealing response in neutron irradiated magnesium.
Radiat. Effic. 1972, 15, 217–225. [CrossRef]

36. Kombaiah, B.; Edmondson, P.; Wang, Y.; Boatner, L.; Zhang, Y. Mechanisms of radiation-induced segregation
around He bubbles in a Fe-Cr-Ni crystal. J. Nucl. Mater. 2019, 514, 139–147. [CrossRef]

37. Singh, B.; Trinkaus, H. An analysis of the bubble formation behaviour under different experimental conditions.
J. Nucl. Mater. 1992, 186, 153–165. [CrossRef]

38. Kalin, B.; Chernov, I.; Kalashnikov, A.; Esaulov, M. Characteristic features of the interaction of implanted
helium with interstitial and substitution elements in nickel and iron. Vopr. At. Nauk. Tekh. Ser. Fiz. Radiats
Povrezhden. Radiats Mater. 1997, 2, 53–79.

39. Zhang, Y. Helium Migration in Iron. Master’s Thesis, University of Cambridge, Cambridge, UK, 2004.
40. Kalin, B.A.; Chernov, I.I.; Kalashnikov, A.N.; Binyukova, S.Y.; Timofeev, A.A.; Dedyurin, A.I. Effect of Doping

on Helium Behavior and Bubble Structure Development in Nickel and Vanadium Alloys. AT Energy 2002, 92,
50–56. [CrossRef]

41. Lane, P.L.; Goodhew, P.J. Helium bubble nucleation at grain boundaries. Philos. Mag. A 1983, 48, 965–986.
[CrossRef]

42. Singh, B.; Leffers, T.; Green, W.; Victoria, M. Nucleation of helium bubbles on dislocations, dislocation
networks and dislocations in grain boundaries during 600 MeV proton irradiation of aluminium. J. Nucl. Mater.
1984, 125, 287–297. [CrossRef]

43. Di, Z.; Bai, X.-M.; Wei, Q.; Won, J.; Hoagland, R.G.; Wang, Y.; Misra, A.; Uberuaga, B.P.; Nastasi, M. Tunable
helium bubble superlattice ordered by screw dislocation network. Phys. Rev. B 2011, 84, 052101. [CrossRef]

44. Stewart, D.; Osetskiy, Y.; Stoller, R. Atomistic studies of formation and diffusion of helium clusters and
bubbles in BCC iron. J. Nucl. Mater. 2011, 417, 1110–1114. [CrossRef]

45. Shu, X.; Tao, P.; Li, X.; Yu, Y. Helium diffusion in tungsten: A molecular dynamics study. Nucl. Instrum.
Methods Phys. Res. Sect. B Beam Interact. Mater. Atoms 2013, 303, 84–86. [CrossRef]

46. Raineri, V.; Coffa, S.; Saggio, M.; Frisina, F.; Rimini, E. Radiation damage–He interaction in He implanted
Si during bubble formation and their evolution in voids. Nucl. Instrum. Methods Phys. Res. Sect. B Beam
Interact. Mater. Atoms 1999, 147, 292–297. [CrossRef]

47. Wang, X.; Yan, Q.; Was, G.S.; Wang, L. Void swelling in ferritic-martensitic steels under high dose ion
irradiation: Exploring possible contributions to swelling resistance. Scr. Mater. 2016, 112, 9–14. [CrossRef]

© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

110



materials

Article

Dual Beam In Situ Radiation Studies of
Nanocrystalline Cu

Cuncai Fan 1, Zhongxia Shang 1, Tongjun Niu 1, Jin Li 1, Haiyan Wang 1,2 and Xinghang Zhang 1,*

1 School of Materials Engineering, Purdue University, West Lafayette, IN 47907, USA
2 School of Electrical and Computer Engineering, Purdue University, West Lafayette, IN 47907, USA
* Correspondence: xzhang98@purdue.edu

Received: 25 July 2019; Accepted: 21 August 2019; Published: 25 August 2019

Abstract: Nanocrystalline metals have shown enhanced radiation tolerance as grain boundaries serve
as effective defect sinks for removing radiation-induced defects. However, the thermal and radiation
stability of nanograins are of concerns since radiation may induce grain boundary migration and
grain coarsening in nanocrystalline metals when the grain size falls in the range of several to tens
of nanometers. In addition, prior in situ radiation studies on nanocrystalline metals have focused
primarily on single heavy ion beam radiations, with little consideration of the helium effect on
damage evolution. In this work, we utilized in situ single-beam (1 MeV Kr++) and dual-beam (1 MeV
Kr++ and 12 keV He+) irradiations to investigate the influence of helium on the radiation response
and grain coarsening in nanocrystalline Cu at 300 ◦C. The grain size, orientation, and individual
grain boundary character were quantitatively examined before and after irradiations. Statistic results
suggest that helium bubbles at grain boundaries and grain interiors may retard the grain coarsening.
These findings provide new perspective on the radiation response of nanocrystalline metals.

Keywords: in situ TEM; dual-beam irradiation; nanocrystalline; grain coarsening; helium bubbles

1. Introduction

Irradiation of metals and alloys produces supersaturated point defects (Frenkel pairs) and defect
clusters [1,2], and thus leads to the degradation in their physical and mechanical properties [3,4].
One effective strategy to alleviate radiation damage is to use various types of interfaces [5], such as grain
boundaries (GBs) [6,7], twin boundaries (TBs) [8,9], phase boundaries [10,11], and free surfaces [12,13].
These interfaces act as defect sinks and are expected to attract, absorb, and annihilate radiation-induced
defects [14]. There are increasing evidences showing that nanostructured materials with high volume
fraction of interfaces are more radiation-tolerant than conventional materials [15–19], in terms of
lower defect density [20,21], less radiation-induced hardening [22,23], and stronger resistance against
amorphization [24]. In spite of their enhanced radiation tolerance, nanostructured materials tend
to become thermally unstable because of the extra energy stored at interfaces [25]. For instance,
radiation-assisted GB and TB migration, accompanied by grain coarsening and detwinning, were
reported in nanocrystalline (NC) [26,27] and nanotwinned (NT) metals [28–31], especially when the
grain size or twin spacing reduces to several to tens of nanometers [29,32].

At the core of nuclear reactors, structural materials are exposed to intense fluxes of neutrons
at elevated temperatures [33]. In order to investigate such radiation damage in a safe, economic,
and efficient way, heavy ion irradiation technique was developed and has been widely adopted as a
surrogate for emulating neutron irradiation damage in the past decades [34]. However, there are various
challenges for the use of single heavy ion irradiation technique to emulate neutron-radiation-induced
damage [35]. For instance, a single type of heavy ion irradiation study often lacks helium (He),
inevitably arising from some nuclear reactions, like the D-T nuclear fusion reaction [36]. As an inert
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gas, He is hardly soluble in solids and plays an important role in microstructure evolution [37–40].
Under irradiation, He can easily combine with excess vacancies and precipitate as bubbles in matrix,
dislocations, GBs, or heterointerfaces [41,42]. With increasing neutron fluxes and addition of He atoms,
the bubbles may keep growing, leading to void swelling, hardening, and embrittlement [4,43–45].
Therefore, to better simulate the neutron radiation damage with heavy ion irradiation technique, it
has been suggested that pre-injection or simultaneous implantation of He may be necessary while
conducting regular heavy ion irradiation studies [46].

In this work, we utilize in situ transmission electron microscope (TEM) technique to directly
compare the distinctions between single-beam heavy ion irradiation (1 MeV Kr++) and dual-beam
irradiation (by 1 MeV Kr++ and 12 keV He+), and combine the recent advance in automated crystal
orientation mapping capability in transmission electron microscope, to explore the He effect on ion
irradiation-induced grain coarsening in NC Cu at 300 ◦C. The findings provide new insights for
understanding the irradiation response of NC metals and their potential applications in advanced
nuclear energy system.

2. Materials and Methods

NC Cu (99.995 at.%) films (~2 μm) were deposited on the HF-etched Si (111) substrates at room
temperature (RT) by direct current magnetron sputtering technique. Plan-view TEM specimens were
prepared and subsequently irradiated using the Intermediate Voltage Electron Microscope (IVEM)
Tandem Facility at the Argonne National Laboratory (Chicago, IL, USA), where an ion accelerator is
attached to a Hitachi 900 NAR microscope (Hitachi, Tokyo, Japan) operated at 200 kV. The ion source
included 1 MeV Kr++ and 12 keV He+ with the ion beam incidented at 30◦ from the electron beam
and 15◦ from the foil normal, as schematically illustrated in Figure 1a. To explore the effect of He on
radiation damage, two independent irradiation experiments were conducted using the single heavy
ion beam of Kr++, and the dual beams of Kr++ plus He+. For single-beam irradiation, the specimen
was irradiated by 1 MeV Kr++ at 300 ◦C at a dose rate of 6.25 × 1011 ions cm−2 s−1 up to a fluence of
1 × 1015 ions cm−2. For dual-beam irradiation, the specimen was first implanted at RT by 12 keV He+,
with a dose rate of 1.25 × 1012 ions cm−2 s−1 and to a fluence of 6.7 × 1014 ions cm−2. The He-injected
specimen was then irradiated simultaneously by 1 MeV Kr++ and 12 keV He+, and their dose rates
were 6.25 × 1011 ions cm−2 s−1 and 2.08 × 1010 ions cm−2 s−1, respectively, up to the same fluence of
1 × 1015 ions cm−2.

Irradiation damage was calculated by the Stopping and Range of Ions in Matter (SRIM) with full
damage cascades and the displacement energy of 30 eV for Cu [47]. The calculated depth profiles of ion
concentration and radiation damage, in unit of displacements-per-atom (dpa), are given in Figure 1b,c.
The TEM foil thickness is estimated to be ~100 nm, and the SRIM calculations reveal that most (~95%)
of the Kr++ transmitted through the TEM foil and caused a high radiation dose of ~5 dpa, while most
(~92%) of the He+ ions were injected into the foil with negligible damage, ~0.01 dpa. The average He
concentration is ~1.5 at.%.

All the TEM specimens, as-deposited or irradiated, were characterized by a Thermo Fischer
Scientific/FEI Talos 200X microscope equipped with a NanoMEGAS ASTAR precession electron
diffraction system that allows for high-resolution crystal orientation mapping [48]. Multiple locations
with the same area (1.92 × 1.92 μm2) were selected and scanned for each specimen by using ASTAR
system. The spot size of electron beam for scanning is ~2 nm, and the scanning step size is ~5 nm.
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Figure 1. Singe- and dual-beam irradiations on nanocrystalline (NC) Cu at 300 ◦C. (a) Experimental set
up of in situ heavy ion TEM irradiations; (b,c) SRIM calculations of depth profiles of ion concentration
and corresponding radiation dose; (d) As-deposited NC Cu with some preexisting nanovoids at grain
boundaries (GBs); (e) Single-beam (1 MeV Kr++) irradiation at 300 ◦C for 5 dpa; (f) He pre-injection at
room temperature (RT); (g) Dual-beam (1 MeV Kr++ and 12 keV He+) irradiation at 300 ◦C to 5 dpa.

3. Results

3.1. In Situ Study of Irradiation-Induced Microstructure Evolution

Figure 1d is a bright-field (BF) TEM micrograph of the as-deposited sample with a broad
distribution of grain sizes, ranging from tens of nm to a few hundred nm. The inset selected area
diffraction (SAD) pattern indicates the formation of polycrystalline metals, and the arrows denote
some nanovoids formed along GBs. Figure 1e shows the microstructure after single-beam irradiation
by 1 MeV Kr++ to 5 dpa at 300 ◦C. Compared with Figure 1d, grain sizes in Figure 1e have apparently
increased and the preexisting nanovoids have disappeared. Figure 1f shows the microstructure after
He-injection to a concentration of 1 at.% at RT and a low dose of only 0.007 dpa. Most of the preexisting
nanovoids retained. After irradiations with dual beams of 1 MeV Kr++ and 12 keV He+ to 5 dpa at
300 ◦C, corresponding to a He concentration of 1.5 at.%, Figure 1g displays that most of the nanovoids
have disappeared. In addition, the average grain size after dual-beam irradiation in Figure 1g seems to
be between that of as-deposited specimen in Figure 1d and that of single-beam irradiated specimen in
Figure 1e.

Figure 2 compares the TEM snapshots of NC Cu subjected to single-beam and dual-beam
irradiations to 5 dpa. Frequent GB migrations of small grains were captured in single-beam irradiation
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in Figure 2a–d, and the shrinkage rate of small grains tended to decrease with increasing grain size.
For instance, 7 representative tiny grains that are <100 nm are denoted by 1–7 in Figure 2a, and they
all shrank rapidly and disappeared when irradiated to 1.25 dpa, as shown in Figure 2b. In contrast,
another large grain marked as 8 in Figure 2a–d remained its triangular shape and shrank gradually.
Moreover, several other large grains barely shrank but evolved into polygons. Their initially curved
GBs became straight, as marked by the arrows in Figure 2a–c. Meanwhile, the angles between adjacent
grains evolved to an equilibrium angle of ~120◦, as shown in Figure 2d. In comparison, no obvious
GB migrations were observed in dual-beam irradiated Cu shown in Figure 2e–h. Some of the grains
slightly rearranged their geometry as shown by a typical outlined grain in Figure 2e–h. He bubbles
emerged at 1.25 dpa with a He concentration of ~1.125 at.%, as shown by the inset in Figure 2f.

 
Figure 2. In situ TEM snapshot displaying microstructural evolution of NC Cu under single-beam (a–d)
and dual-beam irradiation (e–h). GB migrations were frequently captured in single-beam irradiation
and grain coarsening occurred at the expense of small grains, as evidenced by the shrinkage of several
tiny grains marked by number 1–8 in (a–d). The arrows in (a) mark the curved GBs for a large grain
that became straight with increasing dose in (b, c). In contrast, the grains under dual-beam irradiation
only experienced slight rearrangement of their geometries, as shown by the dotted lines in (e–h).

3.2. Post-irradiation Analyses

To better characterize the evolution of GBs, an ASTAR automated crystal orientation mapping
system was used to analyze the as-deposited, single-beam irradiated, and dual-beam irradiated Cu
samples. Comparison of the orientation maps in Figure 3a–c clearly demonstrates prominent grain
growth in irradiated specimens. In addition, the grain boundary maps in Figure 3d,f reveal a large
fraction of Σ3 coherent TBs (yellow lines) in all samples. The enlarged view in Figure 3g reveals that
the as-deposited NC Cu is characterized by irregular and curved GBs. In comparison, the single-beam
irradiated NC Cu contains a significant number of straight boundaries often forming angles of 120◦ at
triple junctions, as shown in Figure 3h. The dual-beam irradiated NC Cu, on the other hand, maintains
curved GBs that are decorated with abundant He bubbles as shown in Figure 3i.
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Figure 3. Microstructural characterization of as-deposited (a,d,g), single-beam irradiated (b,e,h), and
dual-beam irradiated samples (c,f,i). (a–c) Crystal orientation maps obtained from ASTAR system.
(d–f) Grain boundary maps superimposed upon image quality maps. (g–i) TEM micrographs showing
enlarged views of representative GBs.

The statistics of grain size evolutions were derived from a study of 1646 grains for the as-deposited
sample, 552 and 696 grains for the single-beam and dual-beam irradiated samples, respectively.
The grain size is quantified by equivalent diameter D that equals to 2 √(A/π) , where A refers to the
individual grain area. The grain size histograms for the three samples are shown in Figure 4a, and
their corresponding cumulative probabilities P are plotted in Figure 4b as a function of D. Note that
the probability curves shift rightward after irradiations due to grain growth, and the red curve for
dual-beam irradiated sample in Figure 4b is between that of as-deposited (black) and single-beam
irradiated sample (blue). The fraction of smaller grains that are less than 100 nm drops from 83% to
60 and 47% after dual-beam and single-beam irradiation, respectively. The corresponding median
grain size D0.5 (P = 0.5) increases from 56 ± 4 nm to 83 ± 2 nm after dual-beam irradiation, and to
103 ± 5 nm after single-beam irradiation. In particular, the lower right inset in Figure 4b reveals that
the fraction of grains smaller than 40 nm is around 30% in the as-deposited sample, and it decreases
drastically after either dual-beam or single-beam irradiation.
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Figure 4. (a) Grain size (equivalent diameter) histograms for as-deposited (black), single-beam
irradiated (blue), and dual-beam irradiated (red) sample. (b) Cumulative probability versus grain size.

The misorientation angle (θ) distributions for the three specimens are compared in Figure 5a.
The GBs have been divided into three major categories according to their misorientation angle:
low-angle GBs (θ < 15◦), high-angle GBs (15◦ < θ < 60◦), and special Σ3 coherent TBs (θ = 60◦).
TBs account for one-quarter of all boundaries for the three specimens. The statistic results in Figure 5b,c
show that all GBs decreased in length after irradiations, and it was found that the high-angle GBs
(15◦ < θ) in single-beam irradiated sample reduced the most. The detailed statistics on evolutions of
grain size and GB misorientation angles are summarized in Table 1.

 
Figure 5. (a) Misorientation angle (θ) histograms for as-deposited (black), single-beam irradiated (blue),
and dual-beam irradiated (red) samples. (b) Boundary length for low-angle (red bars, θ = 0–15◦) and
high-angle (blue bars, θ = 15–60◦) GBs, as well as Σ3 twin boundaries (TBs) (yellow bars, θ = 60◦).
(c) GB length reduction for dual-beam (red) and single-beam (blue) irradiated samples, relative to the
as-deposited sample.
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Table 1. Summary of grain size and GB characters for as-deposited, dual-beam irradiated, and
single-beam irradiated NC Cu, collected from a large area (11.06 μm2) at three different locations. D0.5:
the median grain size when P = 0.5.

Sample
Number of

Grains

Grain Size
D0.5 (nm)

Grain Boundary Length, LGB (μm)

0–15◦ 15–60◦ 60◦ (Σ3)

As-deposited 1646 56 ± 4 6.2 ± 0.1 73.8 ± 4.4 26.2 ± 0.7
Dual-beam 696 83 ± 2 4.7 ± 0.2 38.9 ± 0.7 12.1 ± 0.1

Single-beam 552 103 ± 5 3.5 ± 0.1 24.6 ± 1.9 10.8 ± 2.0

4. Discussion

Grain coarsening arises from GB migration. The migration velocity v of an isolated boundary in
one dimension can be described by [49]:

v = −M
∂μ

∂x
(1)

where M is the GB mobility and increases with increasing temperature, and ∂μ/∂x is the driving
force and increases with decreasing grain size due to the boundary curvature effect. There are
increasing experimental evidences that show GB migration velocity is accelerated considerably
under irradiation [27,32,50,51], and the irradiation-enhanced grain coarsening occurs even at room
temperature when thermal activation makes little contribution [26]. To describe the radiation effects
on grain coarsening, a thermal spike (damage cascade) model was proposed [26,49], according to
which the radiation-assisted GB migration occurs within thermal spikes through atomic jumps that
are biased by local GB curvature. Moreover, the radiation effects on GB structure and its migration
were also well studied by atomistic simulations [6,50,52–55]. It was found that the free volume in GBs
can accommodate extra interstitials [6,52], which makes interstitial-loaded GBs so unstable that they
frequently migrate to annihilate vacancy clusters nearby [53,54]. In addition, for small grains with
dimensions comparable to the thermal spike volume, their boundary area may overlap with thermal
spikes, so small grains may undergo drastic grain growth through disorder-driven mechanism [32,55].
These prior studies suggest that irradiation-induced grain growth is often determined by two major
factors: the GB curvature and the interaction between damage cascades and GBs. In the current study,
we found that the radiation-assisted grain coarsening can also be influenced by the He bubbles, and
the underlying mechanism will be discussed later in detail.

The interaction between damage cascades and GBs can be simply divided into two scenarios
that are sink-dominated or recombination-dominated. For the former scenario, the majority of
radiation-induced defects, including equal numbers of vacancies and interstitials, are trapped and
annihilated by defect sinks; whereas for the latter case, defects are mostly eliminated through
vacancy-interstitial recombination. It was proposed that a dimensionless parameter E that considers
the defect recombination and fluxes into defect sinks can be used to evaluate which mechanism is
dominating [26]. In the single-beam irradiation, the parameter E1 can be written as:

E1 =

(
k2

GBDi
)(

k2
GBDv

)
4K0Kiv

(2)

where Di and Dv are the diffusion coefficients for interstitials and vacancies, respectively. k2
GB is the GB

sink strength, estimated as [56]:

k2
GB =

60
D2 (3)
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where D is the grain size. K0 is the displacement rate (~0.003 dpa/s in current study), and Kiv is the
constant for interstitial-vacancy recombination rate and is given by:

Kiv =
4π(Di + Dv)

Ω
= Kiv0(Di + Dv) (4)

where Ω is the atomic volume, and Kiv0 , in cm−2, is a material constant, ~6.98 × 1016 cm−2 for Cu [26].
Substituting Equations (3) and (4) into Equation (2) yields:

E1 =
D4K0Kiv0

900

(
1

Di
+

1
Dv

)
(5)

As Di � Dv, for irradiation of Cu at 300 ◦C, Equation (5) is simplified to:

E1 =
D4K0Kiv0

900Dv
(6)

Under dual-beam irradiation, He bubbles act as extra defect sinks that compete with GBs in
absorbing point defects. The effective parameter E2 in the presence of He bubbles is thus modified as:

E2 =

(
k2

GBDi
)(

k2
GBDv

)
4K0Kiv +

(
k2

BDi
)(

k2
BDv
) (7)

where k2
B is the sink strength for bubbles and is given by [57]:

k2
B =

4πρR2

a
(8)

where ρ is the bubble density, R is the bubble radius, and a is the lattice parameter (~0.3615 nm for Cu).
Combining Equations (3)–(5) and (8), Equation (7) can be simplified into:

E2 =
900Dva2

a2K0Kiv0 + 4πR4ρ2DvD4
(9)

Post-irradiation TEM study in Figure 3i shows that the bubble radius R is ~1 nm, and the bubble
density is around 0.0005 nm−3. The vacancy diffusivity Dv is estimated by [57]:

Dv = a2υ exp
(
−Ev

m
kT

)
(10)

where υ is the Debye frequency (~1013 s−1), Ev
m is the vacancy activation migration energy (0.8 eV for

Cu) [57], k is the Boltzmann constant, and T is the temperature (300 ◦C in current study). Substituting
all the parameters into in Equations (6) and (9) and plotting the values of E1 and E2 as a function of
grain size D result in Figure 6.

The physical meaning of E in our calculations refers to the magnitude of radiation-induced defects
that can be trapped by preexisting GBs relative to the defects removed through recombination or He
bubbles. According to previous studies, it is plausible to assume that only when sufficient defects diffuse
into GBs, GBs can experience structure change and instability, followed by GB migration and grain
coarsening [53]. In principle, a value of E� 1 indicates the radiation–GB interaction is sink-dominated,
whereas E	 1 indicates the interaction is recombination-dominated. The curves obtained in Figure 6
suggest the interaction transits from sink-dominated regime to recombination-dominated regime with
increasing grain size D. There is a critical grain size, below which the interaction is sink-dominated and
the radiation-assisted grain coarsening is most likely to occur. Note that the red curve of dual-beam
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irradiation is below the blue curve, and the critical grain size shifts from 25 nm to 50 nm, when He
bubbles are present. The plot also suggests that grain size D should be kept slightly larger than the
transition value, so that the nanograins can effectively enhance radiation tolerance while retaining
their structural stability.

Figure 6. E parameter (logarithmic scale) versus grain size for single-beam (blue curve) and dual-beam
(red curve) irradiated Cu at 300 ◦C. Case 1: Single-beam irradiation on small grains. Case 2: Dual-beam
irradiation on small grains. Case 3: Irradiation of large grains. See the text for more details.

It is worth pointing out that the two curves in Figure 6 show little difference when the grain size
D is less than 5 nm. Our in situ observations in Figure 2 and post-irradiation statistics in Figure 4 also
indicate that nanograins rapidly disappeared under single-beam or dual-beam irradiation. The damage
cascade size D∗ of 1 MeV Kr++ irradiation on Cu is estimated to be 7 nm (see Appendix A). Therefore,
the direct overlap of damage cascade with nanograins of similar dimension may lead to drastic grain
coarsening at the expense of fine grains through disorder-driven mechanism [32,55].

Next, we compare the radiation-assisted GB migration and grain coarsening under single-beam
and dual-beam irradiations. For simplicity, we divide the results into three cases according to the grain
size D, as schematically illustrated in Figure 6.

Case 1: Radiation-assisted grain coarsening for small grains under single-beam irradiation.
This case applies to sink-dominated interaction (E > 1), and damage cascade can entirely or partially
overlap with small grains. Sufficient point defects can diffuse into GBs, leading to GB structure change
and migration through disorder-driven [32,55] or thermal spike mechanism [26,49].

Case 2: Radiation-assisted grain coarsening for small grains under dual-beam irradiation. In this
case, the radiation-GB interaction is still sink-dominated (E > 1). However, due to the formation of
high-density He bubbles at GBs or grain interiors, the fraction of defects contributing to GB structure
change and migration is reduced. Compared with single-beam irradiation, the radiation-assisted GB
migration in dual-beam irradiated specimen is inhibited for two reasons: first, the bubbles at grain
interiors can capture more point defects; second, the bubbles at GBs can exert pinning effect on GBs.

119



Materials 2019, 12, 2721

Case 3: Irradiation on large grains with recombination-dominated interactions (E < 1). In this
case, most of the radiation-induced defects are removed through vacancy-interstitial recombination,
so they make little contribution to GB migrations. For single-beam irradiation, damage cascade may
occasionally occur near GBs. However, as the grain sizes are rather large, the local boundary curvature
change due to cascade may be too small to drive prominent GB migrations [54]. The GB migrations
may stop when GBs become straight, as shown in Figure 2. Meanwhile, the triple junctions can reach a
stable state with three equal angles of ~120◦, as shown in Figure 3h. For dual-beam irradiation, the
local GBs can hardly move because of the pinning effect arising from He bubbles. As a result, GBs
remain curved after irradiation, as shown in Figure 3i.

Finally, it should be emphasized that, in addition to grain size, radiation-GB interaction and GB
migration may also be influenced by GB inherent structures [58]. For instance, compared with regular
high-angle GBs, coherent TBs (CTBs) exhibit remarkable thermal stability after annealing to 800 ◦C [59],
and they can retain their structural integrity during heavy irradiation [29,60]. Our post-irradiation
analyses in Figure 3 also reveal a large fraction of surviving Σ3 CTBs in single-beam and dual-beam
irradiated samples. A previous study on He ion irradiation response by Demkowicz et al. [61] suggested
that TBs are not effective defect sinks, based on the observation that there were no defect denuded
zones near TBs in He ion irradiated NT Cu. A thorough analysis may be beneficial to compare the
density and dimension of He bubbles in bulk Cu irradiated to the same dose. Interestingly the atomistic
simulations by Demkowicz et al. revealed that Σ3 CTBs can promote Frenkel pair recombination
and decrease point defect production rate [61]. There are numerous prior studies that show TBs are
effective defect sinks [8,31,62,63]. For instance, in Kr ion irradiated NT Ag, the density of stacking fault
tetrahedrons is less in NT Ag with smaller twin spacing [62]. In other words, a clear size effect exists
in irradiated NT metals. Recently, it was reported that less He bubbles are produced in NT Cu with
nanovoids than annealed coarse-grained Cu, when subjected to identical He ion irradiation conditions
at RT [63]. Similar phenomenon was also reported in the Fe ion radiation studies on NT austenitic
stainless steel [8]. Meanwhile, there are increasing in situ radiation studies that show TBs engage,
interact, and eliminate radiation-induced defect clusters [64,65]. For instance, an in situ radiation
study on NT Ag showed that there is indeed a defect denuded zone near TBs based on the statistics of
time accumulated defect cluster density [65]. These observations and current study may offer a new
strategy for improving radiation tolerance while maintaining microstructural stability through the
coupling of TB architectures with other defects sinks [60,66].

5. Conclusions

Nanocrystalline Cu films were irradiated with single-ion beam (1 MeV Kr++) and dual-ion beams
(1 MeV Kr++ and 12 keV He+). Substantial GB migration and grain coarsening were captured in
irradiated samples. The irradiation-induced GB migration is attributed to the interaction between
damage cascade and preexisting GBs. With increasing grain size, the interaction transits from
sink-dominated to recombination-dominated regime, and the radiation-assisted grain coarsening
occurs in sink-dominated region at the expense of small grains. In situ radiation experiments also show
that grain coarsening in dual-beam irradiated sample was retarded when He bubbles were introduced
at GBs and grain interiors.
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Appendix A Estimation of radiation cascade size D∗

The radiation cascade size, D∗, is determined by incident particle energy, and the average cascade
volume V is given by [57]:

V =
4
3
π
(1

2
D∗
)3

=
ED

NUa
(A1)

where N is the atom density, ~8.5 × 1022 atoms/cm3 for Cu, and Ua is the energy per atom that can be
estimated from the melting temperature of the target, ~0.3 eV for Cu. ED in Equation (A1) refers to the
damage energy stored in a cascade, given by [67]:

ED =
ET

1 + f g(ε)
(A2)

and the inelastic energy loss is calculated using a numerical approximation to the universal function
g(ε):

g(ε) = 3.4008ε
1
6 + 0.40244ε

3
4 + ε (A3)

f = 0.1337 Z
1
6
1

(
Z1

A1

) 1
2

(A4)

The ε in Equation (A3) refers to the reduced energy described as:

ε =
A2ET

A1 + A2

A
Z1Z2e2 (A5)

A = A0

(
9π2

128

) 1
3 (

Z
2
3
1 + Z

2
3
2

)
(A6)

where A0 is the Bohr radius (~0.053 nm), e is the electronic charge, Z1 and Z2 are the atomic numbers
of the projectile and target, and A1 and A2 are the mass numbers of the atoms.

The term ET in Equation (A2) is the transferred energy to primary knock-on atom (PKA). For
the incident particles of 1 MeV Kr++, classified as heavy slow ions, the inverse square potential is
proper for calculating the average transferred energy, ET, to primary knock-on atom (PKA) in the Cu
lattice [57]. The description of ET is given by:

ET =
√
γEiTmin (A7)

where Ei is the incident energy (1 MeV), Tmin is the minimum transferred energy that is equal to Cu
displacement energy Ed, ~30 eV, and γ is a mass ratio defined by atomic masses of incident particle m
and lattice atom M in the form of:

γ =
4mM

(m + M)2 (A8)

where m is 83.80 u for Kr, and M is 63.55 u for Cu.
Combining the Equations (A2)–(A8) yields ED = 41.13 keV, substituting which into Equation (A1)

gives the average thermal spike volume V = 162 nm3 and thermal spike size D∗ = 7 nm.
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Abstract: Palladium can readily dissociate molecular hydrogen at its surface, and rapidly accept it
onto the octahedral sites of its face-centered cubic crystal structure. This can include radioactive
tritium. As tritium β-decays with a half-life of 12.3 years, He-3 is generated in the metal lattice,
causing significant degradation of the material. Helium bubble evolution at high concentrations
can result in blister formation or exfoliation and must therefore be well understood to predict the
longevity of materials that absorb tritium. A hydrogen over-pressure must be applied to palladium
hydride to prevent hydrogen from desorbing from the metal, making it difficult to study tritium in
palladium by methods that involve vacuum, such as electron microscopy. Recent improvements in
in-situ ion implantation Transmission Electron Microscopy (TEM) allow for the direct observation of
He bubble nucleation and growth in materials. In this work, we present results from preliminary
experiments using the new ion implantation Environmental TEM (ETEM) at the University of
Huddersfield to observe He bubble nucleation and growth, in-situ, in palladium at cryogenic
temperatures in a hydrogen environment. After the initial nucleation phase, bubble diameter
remained constant throughout the implantation, but bubble density increased with implantation
time. β-phase palladium hydride was not observed to form during the experiments, likely indicating
that the cryogenic implantation temperature played a dominating role in the bubble nucleation and
growth behavior.

Keywords: in-situ; helium implantation; environmental transmission electron microscopy;
palladium tritide

1. Introduction

Helium is insoluble in almost all solids and precipitates into nanometer-sized bubbles that can
result in mechanical property degradation and eventually fracture. At very high He concentrations
(tens of atomic percent), micrometer scale blisters can form, resulting in exfoliation, gas release,
or both [1,2]. Bubble nucleation and growth are sensitive to most environmental conditions, including
material composition, crystal structure, and temperature.

Palladium-based materials are under consideration for many applications [3], including H2

purification, storage, and detection, as well as fuel cell catalysis, due to its ability to easily dissociate
molecular H2 on its surfaces and incorporate H atoms into octahedral sites in its face-centered cubic
(fcc) crystal structure as a metal hydride [4–6]. One of these applications is solid-state tritium storage,
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where 3H will decay to 3He with a half-life of 12.3 years, causing rapid accumulation of 3He in the
Pd lattice. Studying 3He evolution in PdTx is difficult due to the safety constraints of radiological
work, though some microscopy has been performed investigating early stage 3He bubble formation
(less than one year of aging) [7–9]. Over these short aging times, 3He bubbles reached 1–2 nm in
diameter. While He ion implantation has been utilized as an accelerated aging method to study blister
formation in Pd metal at high doses [1,2], He implantation into Pd hydride is difficult in most facilities
because a constant H2 over-pressure is required to maintain the hydride structure. If the over-pressure
is removed, most H will diffuse out of the material [4–6].

New capabilities in in-situ ion irradiation allow for direct observation of He bubble nucleation
and growth as a function of He implantation dose and temperature [10]. In the new Microscope and
Ion Accelerators for Materials Investigations (MIAMI-2) facility at the University of Huddersfield [11],
in-situ He implantation has been combined with Environmental Transmission Electron Microscopy
(ETEM), which allows for imaging in the presence of milliTorr H2 pressures. We have used this
combination of capabilities to investigate whether the presence of H2 affects the nucleation and early
growth of bubbles. We performed much of the work at sub-ambient sample temperatures to increase
the H solubility in the sample, but did not observe formation of the concentrated, β-phase Pd hydride,
which is difficult to characterize with electron diffraction techniques. α-phase Pd hydride is expected
to have formed to some degree under the experimental conditions, but cannot be properly identified
using electron diffraction due to its characteristic minute change in lattice parameter Thus, cryogenic
temperature likely dominated the observed He bubble nucleation and growth kinetics.

2. Materials and Methods

Specimens and Irradiation Treatment

Palladium wire was purchased from Alfa Aesar (Alfa Aesar, Haverhill, MA, USA) and was
annealed prior to TEM sample preparation to cause pre-existing voids identified near the surface to
coalesce into larger voids that could not be confused with He bubbles. The wire was annealed at
700 ◦C for 1.5 h in an evacuated quartz ampoule with a base pressure of 1 × 10−7 Torr at the time
of sealing. TEM sample preparation was done using the Focused Ion Beam (FIB) method with a
FEI Helios Nanolab 660 (ThermoFisher Scientific, Hillsboro, OR, USA). The resulting lamellae were
mounted on Mo FIB grids and thinned to electron transparency, with final cleaning steps utilizing a 5 kV
accelerating voltage. Samples were then transported and imaged in the Hitachi H-9500 ETEM (Hitachi
High-Technologies, Tokyo, Japan) at the MIAMI-2 facility (University of Huddersfield, West Yorkshire,
UK) [11]. Unless otherwise stated, all TEM imaging was conducted in a Bright Field (BF) imaging
condition with an accelerating voltage of 300 kV. Initial TEM imaging showed a high density of defects,
likely resulting from either the FIB procedure or the original wire extrusion process. Since pre-existing
defects will affect 4He bubble nucleation and hydride formation, the specimens were annealed at
400 ◦C for one hour in vacuum using a Gatan Model 652 double-tilt heating holder (Gatan, Pleasanton,
CA, USA) in an attempt to reduce defect density.

Thermodynamic calculations [12], shown in Figure 1a, were used to estimate the temperature
required to hydride Pd at ETEM relevant pressures (on the order of 10−2 Torr). The α-phase has
been characterized by a slight unit cell expansion from the fcc Pd lattice of 3.88 Å to 3.89 Å when
H/Pd = 0.03. As H2 content increases, a new set of fcc lattice reflections form, corresponding to the
β-phase, which has a cell constant of 4.02 Å when the α→β transformation is complete (H/Pd~0.57) [13].
This corresponds to a 10% volume expansion, or a 3.6% lattice parameter expansion, compared to
Pd metal.
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Figure 1. Experimental parameters, including: (a) thermodynamic calculations showing when H2

is expected to absorb and desorb from pure Pd as a function of temperature and pressure, and (b)
SRIM prediction, shown for a fluence of 1017 ions/cm2, of implantation depth, damage dose, and 4He
concentration for 10 keV 4He into Pd at 18.7◦. Lines are meant to guide the eye in (b).

We expect concentrated hydride, or β-phase, to form below the “absorption” line in Figure 1a,
and the dilute, or α-phase, to form above the “desorption” line at a given pressure as the temperature
is increased. The crystal structure is expected to remain fcc in all cases. The region between the
“desorption” and “absorption” lines in Figure 1a consists of α + β-phases [5,6]. These calculations do
not include kinetic aspects of hydride formation, which are not well documented for Pd at cryogenic
temperatures and may influence the achievement of the hydride phase and final stoichiometry.
Furthermore, the thermodynamic data are extrapolated, and are potentially sample-dependent, so we
consider Figure 1a to be only an approximate guide.

Samples were cooled to −100 ◦C in the ETEM using a Gatan Model 636 (Gatan, Pleasanton,
CA, USA) liquid nitrogen-cooled cryogenic holder. Thermodynamic calculations (Figure 1a) show
that the pressure must be above 6.4 × 10−4 Torr to form concentrated β-phase at −100 ◦C. However,
experimental isotherms show that the concentrated β-phase forms above ~1 × 10−4 Torr at −196 ◦C [13].
An H2 atmosphere was introduced locally to the specimen. Local specimen pressure was maintained
at between 7.5 × 10−3 and 2.3 × 10−2 Torr while BF imaging video data were collected. Specimen
pressure was actively throttled to prevent electron gun pressure from rising to the trip point for the gun
valve to close (3.8 × 10−4 Torr). Initial experiments were conducted without an ion beam to observe
potential microstructural changes associated with the formation of Pd hydride. Palladium hydride
formation is characterized by a unit cell expansion [13], so electron diffraction patterns were recorded
and utilized to measure the lattice strain in an H2 environment at different temperatures. Gas pressure
was maintained for 30 min at −100 ◦C before temperature was increased to −60 ◦C. Temperature was
held there for approximately 20 min before being increased to −20 ◦C and held for an additional
approximately 10 min. Temperature was then reduced back to −100 ◦C to maximize H2 solubility and
held for 20 min before beginning He implantation.

Helium implantation was performed using a gas-fed Colutron G-2 ion source (Colutron, Boulder,
CO, USA) operating at an accelerating voltage of 10 kV. The 4He ion beam had been aligned prior
to Pd sample loading using a custom-built Faraday stage. Ion beam intensity was measured to be
approximately 4.0 × 1013 ions/cm2/s at the beginning of irradiation. The Pd sample was irradiated in
the H2 environment for 42 min to a final nominal 4He fluence of 1017 ions/cm2, all with concurrent
collection of BF video data. Ion beam current was monitored throughout via a skimming cup and was
observed to drop by only ~3% between the beginning and end of specimen irradiation. Once this final
fluence was accomplished, BF images and diffraction patterns were collected from various locations
on the specimen. The Monte-Carlo based SRIM code [14] was used to simulate material damage and
ion implantation for the given irradiation conditions (Figure 1b). SRIM calculations were performed
using an incident 4He ion beam at an incoming angle of 18.7◦, impinging on Pd metal following
the procedure given by Stoller et al. [15]. Displacements per atom (dpa) was calculated using Quick
Calculation mode and the phonon.txt output file. A threshold displacement energy of 34 eV [16] and a
density of 11.9 g/cm3 were used.
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Bubble sizes and density were determined, where possible, using ImageJ [17] analysis. Image
resolution variations can affect the bubble density analysis by up to an order of magnitude. To maintain
consistency, only images in the under-focus condition were used. Bubbles were confirmed using
both under- and over-focus images. A sample set of under- and over-focus images is provided in
a Supplemental file. Images were all converted to a 1712 × 1712 resolution (used for in-situ video)
before analysis and the same procedure was utilized on all images. Image analysis procedure was
as follows: (1) Gaussian Blur with radius of 3, (2) Normalize Local Contrast with radii of 20 pixels,
(3) invert to make bubbles appear dark, (4) “Mexican Hat” Filter with radius of 4 or 5, (5) threshold
the entire image, and finally (6) Analyze Particles of area 0–infinity and circularity set to 0.6–1. Data
were exported and bubbles with less than 1 nm diameter, the approximate TEM resolution limit, were
removed from the dataset. Only average bubble size is provided because the standard deviation is
small, usually less than 0.2 nm.

3. Results

3.1. Exposure to H2 at Cryogenic Temperature

To determine the effects of an H2 atmosphere on the Pd sample at cryogenic temperatures, a sample
was subjected to an H2 environment at temperatures between −100 ◦C and −20 ◦C. As shown in
Figure 2, no significant microstructural changes were observed due to H2 alone. Selected Area Electron
Diffraction (SAED) patterns were taken after each step. Experimental error in the SAED was not
explicitly quantified, but is expected to be large in these experiments due to slight variation in tilt
angle and sample height with variation in H2 flow rate or temperature. The degree of hydride phase
formation, which is characterized by a 3.6% lattice expansion in PdH0.57, was therefore unquantifiable
in these experiments. Image contrast changes apparent in Figure 2 are due to the sample bending
during the temperature cycles.

Figure 2. In-situ TEM images of the Pd sample during pre-implantation H2 exposure. Images are in
sequential order and show the sample (a) initially, (b) after 25 min of H2 exposure at −100 ◦C, (c) during
the 14 min of H2 exposure at −60 ◦C, (d) after 7 min of H2 flow at −20 ◦C, and (e) after cooling back to
−100 ◦C in H2 for 4He implantation.

3.2. In-situ Helium Implantation and Annealing in H2

Helium bubble evolution was observed and characterized in-situ during implantation in an H2

environment at −100 ◦C. Figure 3a shows initial observation of 4He bubbles after implantation to a
peak concentration of 6 at.%. All reported concentration values assume no escape of He from the TEM
foil. Bubbles initially had low areal-density and were approximately 1.2 nm in diameter, similar to
the microstructure that was observed in the preliminary experiments at room temperature. Larger
bubbles were observed in some areas, but bubble nucleation was generally homogenously distributed
and uniform in size throughout the implantation. Bubble density visibly increased with increasing
implantation dose as shown in Figure 3b–f. Figure 4a shows the measured bubble diameter and density
changes as a function of He concentration. Bubble size remained constant during the implantation, but
areal bubble density was observed to increase with implantation time, starting at 8 × 1011 bubbles/cm2

in Figure 3a at 6 at.%, and reaching a density of 5 × 1012 bubbles/cm2 in Figure 3f at 23 at.%. Bubble
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density change as a function of implantation dose was determined using a linear fit, where the slope =
2.7 × 1011 bubbles/cm2/at.% and the intercept = −1.2 × 1012 bubbles/cm2.

 
Figure 3. BF in-situ TEM images showing He bubble evolution during implantation at −100 ◦C
under H2 gas flow from peak concentrations of (a) 6 to (f) 23 at.%. The images were taken in Fresnel
under-focus imaging condition, so bubbles appear as small white circles.

Figure 4. Bubble size and density changes (a) during in-situ implantation at −100 ◦C in H2 gas, and (b)
during annealing from −100 ◦C to −60 ◦C. Data points in (a) were measured from the images in Figure 3.
Bubble diameter is shown as solid green circles, and bubble density is shown as empty black circles.
Linear fits are shown for the data in (a).

After implantation, the sample was heated in-situ from −100 ◦C to 0 ◦C in H2 gas. According to
Figure 1a, most H2 should be desorbed from the sample during this heating process. Bubble size and
density were characterized during the annealing, when possible, and are summarized in Figure 4b.
The sample was annealed to −60 ◦C in 390 s (0.10 ◦C/s), held at −60 ◦C for approximately 10 min,
then ramped from −60 ◦C to 0 ◦C in approximately 3 min. Images recorded from −60 ◦C to 0 ◦C had
too much dynamic contrast evolution for bubble size analysis, so two post-annealing images were
analyzed and the results averaged to obtain a final density of 7 × 1012 bubbles/cm2 and a final diameter
of 1.3 nm. No significant changes in bubble diameter were observed during annealing up to 0 ◦C.
No significant changes in bubble density were observed under annealing from −100 ◦C to −60 ◦C,
but the bubble density did appear to increase from 6 × 1012 bubbles/cm2 to 7 × 1012 bubbles/cm2 after
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annealing from −60 ◦C to 0 ◦C (not shown in figure). Uncertainty is not provided for bubble density
measurements because a single density value was calculated from each image.

4. Discussion

Helium bubble diameter was observed to remain constant during the cryogenic in-situ implantation
in the presence of H2, but bubble density increased as a function of time. Even though β-phase hydride
formation could not be identified within experimental error, the lower concentration α-phase hydride
likely formed and could impact bubble evolution. Although H2 may influence the nucleation and
growth of He bubbles in Pd, the H concentration is very low in α-phase (H/Pd = 0.03), so cryogenic
implantation temperature is thought to be a more-likely dominating factor. Very little literature exists
on He implantation in a H2 environment or on cryogenic He implantation, so this section will discuss,
in relation to this work, (1) a comparison of this work with previous studies on He bubble evolution in
Pd, (2) theory on He bubble growth at cryogenic temperature, and (3) how H-He interactions may
affect the results.

4.1. Comparison with Data on He bubble Nucleation in Pd and PdT0.6

Although very little microscopy work has been done on fcc metals implanted with He at cryogenic
temperatures, He bubble formation has been studied in aged Pd tritide, PdT0.6. Tritium decay does not
induce displacement damage in the lattice, so the vacancy concentration is limited to thermal vacancies,
although H can stabilize vacancies, and formation of β-phase hydride can cause microstructural
changes [18]. Bubbles are at equilibrium when the He pressure inside the bubble equals the surface
tension of the host material, p = 2γ/r, where p is the He pressure, γ is the surface energy of the host
material, and r is the bubble radius [19]. Bubbles formed at room temperature in PdT0.6 are typically
highly over-pressurized. He bubbles reach 1–2 nm in diameter in the first 8 months (1.34 at.% He) of
storage. Bubble density estimates vary widely due to film thickness measurement error, overlapping
bubbles, and the possible presence of bubble sizes near or below the resolution limit of the microscope,
but values of 1017–1019 bubbles/cm3 are reported for aging times of 2–8 months [7–9]. If a thickness
of 50 nm is assumed for the samples implanted in this work, the density varied from 1017–1018

bubbles/cm3 with implantation dose from 2 × 1016 to 9 × 1016 ions/cm2. Bubble diameter did not
vary with implantation dose in this work and is similar to that observed in aged PdT0.6. Nuclear
Magnetic Resonance (NMR) has been used to measure the phase and pressure of He bubbles in aged
PdT0.6. After annealing samples aged for 1 year, solid He diffusion was observed below −73 ◦C,
and melting was observed from −73 ◦C to 7 ◦C, with corresponding bubble pressures of 6–11 GPa,
and an average density of 120 He/nm3 within a bubble [20]. Aging for 8 years, followed by multiple
deuterium exchanges to remove the tritium, resulted in an average density of 90 He/nm3 and the
presumed coexistence of liquid and solid phases from −230 ◦C to −133 ◦C [21].

4.2. Comparison with Theory of He Bubble Nucleation and Growth at Cryogenic Temperatures

Several mechanisms could result in a lack of bubble growth with implantation time. Low
He diffusivity at cryogenic temperature will contribute to a lower nucleation and growth rate.
Low diffusivity may promote a higher bubble nucleation rate, but a lower bubble growth rate due to
He becoming trapped very near its implantation site. Bubble diameter remained constant at 1.2 nm
after the initial observation of He bubbles at a fluence of 2.35 × 1016 ions/cm2 (6 at.%), but bubble
density increased with implantation dose. Since the He implantation profile, shown in Figure 1b,
results in lower concentrations near the surfaces, nucleation will take longer in these regions than at the
center of the foil where the He concentration is highest. TEM imaging captures all the material within
the thickness of the sample, which could result in a visible increase in bubble density as nucleation
occurs first in the higher concentration, and subsequently in the lower concentration regions. This may
contribute to an experimentally measured increase in areal bubble density.
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At cryogenic temperatures, the low thermal vacancy concentration prohibits cavity growth by
absorption of thermal vacancies, which cause rapid cavity growth at elevated temperatures. If the
mobility of irradiation- or hydrogen-induced vacancies is low, bubble growth can only occur from
dislocation loop punching. Assuming a Pd vacancy migration value of 0.63 eV [22], Pd vacancies are
not mobile over the timescale of these experiments at −100 ◦C. Wolfer [23] has succinctly summarized
He bubble growth in metals as a function of homologous temperature, Th, and pressure. In the case of
an isolated single bubble at temperatures below Th = 0.25, theory indicates that the bubble pressure is
high enough for loop punching only at μ/5, where μ is the shear modulus of the material [24]. Below
this pressure at Th = 0.25, bubble growth is not expected to occur. In Pd, μ = 42 GPa, making the
pressure required for loop punching from an isolated single bubble 8.4 GPa. The NMR measurements
discussed above [20] found bubble pressures of 6–11 GPa in the −173 ◦C to 77 ◦C range in 1 year old
PdT0.62, very close to the threshold for loop punching.

When theory is applied to the case of a He bubble array, instead of an isolated bubble, the pressure
required for loop punching increases to about 50% of the shear modulus [25]. Bubbles with radii less
or equal to ~5b, where b is the Burgers vector of a prismatic dislocation loop, require a high enough He
density to create bubble pressures sufficient for loop punching, independent of the bubble density.
As bubbles grow by loop punching, the accumulation of loop debris in the regions between bubbles
exerts an increasing and opposing force to the subsequent formation of loops, increasing the pressure
required for loop punching dramatically. Thus, during the initial He accumulation period at cryogenic
temperatures, one might expect slow growth by loop punching, but as the bubble density increases
and the inter-bubble spacing decreases, the pressure required for loop punching likely becomes too
high for additional growth to occur. This mechanism may have caused bubble growth to cease in this
experiment, while bubble areal density continued to increase.

As the bubble pressure continues to increase beyond the window where dislocation loop punching
is viable, inter-bubble fracturing may occur, possibly leading to blister formation and He release [23].
Blister formation has previously been observed after implanting bulk Pd with 300 keV He to 1 × 1018

ions/cm2 (70 at.% He at the peak) at −180 ◦C, a much higher He concentration that the total implanted
dose in this work [1]. Theory suggests that, particularly below a bubble density of 3 × 1018 bubbles/cm3,
equilibration of the chemical potentials for gas atoms in the bubble and in interstitial solution could
result in He diffusing freely throughout the solid without being trapped inside a bubble, causing rapid
gas release once a critical concentration is reached [25].

4.3. Hydrogen-helium Interactions

By performing in-situ He implantation in an ETEM, this work is uniquely suited to explore the
interactions of H and He in a model fcc system. Point defects are introduced in the lattice during He
implantation (see Figure 1b for the dpa profile). Hydrogen is known to interact with such defects in
metals [26–28], which may have influenced the bubble nucleation and growth rates observed in this
work. The binding energies of H to defects in Pd are lower than many other metals [29]. Experimentally
determined binding energies of H to Pd defects are about: 0.15 eV (self-interstitial), 0.23 eV (vacancy),
and 0.29 eV (He bubble) [27–29]. Hydrogen is expected to have been strongly bound to these defects in
the present work, which was done at −100 ◦C (0.015 eV), and could increase the size of He clusters.
In fcc metals, up to six H atoms can occupy a monovacancy [29], which could influence the trapping
kinetics of He atoms to vacancies. Additionally, the presence of H in interstitial sites may influence the
diffusion of interstitial He through the lattice, and therefore influence nucleation and growth kinetics.
More simulation work is needed to verify potential effects of H on He bubble nucleation and growth.

5. Conclusions

Palladium metal was implanted with 10 keV 4He in-situ, at cryogenic temperature, in a H2

environment. No lattice expansion indicating β-phase hydride formation was observed. He bubbles
1.2 nm in diameter were observed to nucleate after 6 at.% He. Bubble size did not change with
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implantation time, but bubble density did increase. These initial experiments highlight the strength
of the MIAMI-2 facility for in-situ TEM exploration of H2 interaction with He bubbles at various
temperature extremes.

This preliminary work has highlighted the new combination of extreme environments (cryogenics,
gas implantation, and reactive gas exposure) that can be explored during direct real-time observation
within a TEM. Further work is needed to fully understand these initial observations. This future
work would include comparison between in-situ He implantations in the presence and absence of
H2 at the same temperature, for both ambient and low temperature, to deduce the effects of H2 and
temperature on bubble formation, as well as development of methods to ensure hydride formation in
the ETEM. This study points to a new multidimensional stressor approach to in-situ TEM experiments
that permits greater understanding of the response to complex environments by materials.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/12/16/2618/s1,
Figure S1: Under-focus image showing He bubbles during implantation, Figure S2: Over-focus image showing
He bubbles during implantation.
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Abstract: In advanced fission and fusion reactors, structural materials suffer from high dose irradiation
by energetic particles and are subject to severe microstructure damage. He atoms, as a byproduct of
the (n, α) transmutation reaction, could accumulate to form deleterious cavities, which accelerate
radiation-induced embrittlement, swelling and surface deterioration, ultimately degrade the service
lifetime of reactor materials. Extensive studies have been performed to explore the strategies that
can mitigate He ion irradiation damage. Recently, nanostructured materials have received broad
attention because they contain abundant interfaces that are efficient sinks for radiation-induced
defects. In this review, we summarize and analyze the current understandings on interface effects
on He ion irradiation in nanostructured materials. Some key challenges and research directions are
highlighted for studying the interface effects on radiation damage in nanostructured materials.

Keywords: He ion irradiation; cavities; interface; nanostructured materials

1. Introduction

1.1. Motivation and Architecture

As a reliable, sustainable and affordable energy, nuclear power provides more than 13% of electricity
worldwide [1]. The next generation nuclear reactors have increasing demands for the discovery of
advanced materials that can survive severe radiation environments, so that nuclear reactors can operate
safely for a prolonged period of time. In nuclear fission and fusion reactors, helium (He) ions are
produced by the decay of tritium and the (n, α) reaction during neutron irradiation [2,3]. He is insoluble
in most nuclear materials and its diffusion activation energy is low, so it is easy to form interstitials and
He bubbles [4]. He can combine with cavities and accelerate irradiation-induced swelling, hardening,
embrittlement and surface deterioration [5,6]. Prior studies show that nanostructured materials possess
outstanding irradiation resistance because abundant interfaces can hinder the formation of cavities [7].
However, the underlying mechanisms for interfaces enhanced irradiation resistance had not been
revealed in-depth in the past. Recently, many achievements have been made to explore the interface
mechanisms for designing suitable nuclear materials. To understand the interface mechanisms and
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provide a theoretical basis for designing nuclear materials, we summarize these research achievements
in this review.

In this review, we first introduce He ion irradiation damage in materials. Then, we summarize
the irradiation response in nanostructured materials, including the interactions between cavities and
interfaces, and interface effects on irradiation damage. Finally, we discuss the evolutions of properties
of irradiated nanostructured materials.

1.2. He Ion Irradiation Behavior

1.2.1. He Diffusion

The solubility of He in most nuclear materials is negligible [8], and the accumulation of He atoms
in materials after irradiation is usually accompanied by abundant defect clusters. In addition, the
way of He diffusion depends on the dose of irradiation, temperature as well as the presence of other
intrinsic or irradiation-induced defects, such as point defects (interstitial and vacancy), interstitial
clusters, He-vacancy clusters, cavities, acting as traps for He atoms. Regardless of the way of He
diffusion, thermal activation is the most important basic process [8].

(1) Interstitial migration: He atoms at interstitial sites diffuse interstitially. Since the activation
energy of the He atoms interstitial migration is only a few tenths of eV [8], the He atoms can diffuse
quickly at room temperature until they are trapped by other defects. In the case of a low radiation
dose, the concentration of defects introduced by irradiation is negligible low, hence He atoms diffuse
effectively as interstitials at T < 0.5Tm (T is irradiation temperature, Tm is melting point of materials),
where both the displacement damage and the concentration of thermal vacancies are small. Therefore,
interstitial migration is the most probable type of He diffusion mechanisms.

(2) Vacancy mechanism: He atoms exchange position with the neighbor vacancies. When
T > 0.5Tm, abundant vacancies would form by thermal excitation, hence He atoms could jump from
one to the other vacancy [9]. Figure 1 shows different means for He diffusion at low radiation damage
level [8]:

 
Figure 1. Schematic illustration of defect configurations and jump processes relevant for He diffusion
without and with irradiation [8].

For high dose irradiation, He atoms would accumulate to form defect clusters, such as
interstitial clusters, He-vacancy clusters, cavities (bubbles and voids), which display different
diffusion mechanisms: when T < 0.2Tm, the athermal “displacement or cascade mechanism” would
be the dominant mechanism for He diffusion, because vacancies are almost immobile; when
0.2Tm < T < 0.5Tm, the “replacement mechanism” would be the dominant mechanism—at this time a
He atom diffuses interstitially from a vacancy, then it can be re-trapped by another vacancy; when
T > 0.5Tm, the “vacancy mechanism” would be dominant, because He diffusion can be assisted by
numerous vacancies (formed by thermal activation) that can move easily.

1.2.2. Nucleation of He Bubbles

Before introducing the bubble nucleation, it is necessary to distinguish the forms of cavities, i.e.,
bubble and void. Usually, bubble is a kind of spherical cavity, possessing a high concentration of He
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atoms, hence the bubble has over-pressure or equilibrium-pressure. However, a void with plenty of
vacancies has internal pressure much lower than equilibrium-pressure, so that the void has a faceted
structure composed of close-packed planes [10]. For cavity formation, first He atoms and vacancies
agglomerate into clusters, which accelerate the bubble nucleation and growth. Then with the increasing
of irradiated dose or temperature, bubbles would achieve a critical radius via absorbing more He
atoms and vacancies and transform into voids [11]. Consequently, bubble and void are two distinct
forms of cavities, but with a strong connection.

Here, we focus on bubble nucleation. There are two types of nucleation of bubbles: homogeneous
and heterogeneous nucleation [8]. Homogeneous nucleation means that bubbles nucleate in perfect
lattice position, while heterogeneous nucleation preferentially occurs on defects of materials, such
as dislocations and interfaces. These two ways are competing during actual nucleation process in
materials suffering He ion irradiation.

At low temperatures, thermal dissociation of He atoms from their traps is negligible. Homogeneous
nuclei and preexisting defects in materials are competitive for absorbing He atoms. If nuclei can capture
more He atoms, in other words, the density of nuclei is higher than that of preexisting defects in the material,
homogenous nucleation will dominate (usually at low temperatures or high He implantation doses).

At high temperatures, the thermal dissociation of He atoms from captured positions should be
taken into account, and the relation between capture abilities of possible nucleation sites could not
explain clearly which nucleation mode dominates. Some defects, such as dislocations and interfaces,
have impacts on the thermodynamics of critical nuclei. Figure 2 shows the traditional understanding
of how interfaces influence the thermodynamic state of a nucleus [8]. For instance, bubbles are in
thermal equilibrium, and the relation among the gas pressure inside bubbles (p), the surface energy of
bubbles (γ) and the radius of bubbles (r) can be written as [8]:

p = 2γ/r (1)

With the same nucleus volume, the interfacial equilibrium between surface of a bubble and grain
boundary (GB) can be seen in Figure 2b, and the equilibrium between a bubble and a GB-precipitate
can be seen in Figure 2c.

Radius of the bubble at a GB is bigger than that in the grain interior, thus reducing gas pressure and
equilibrium concentration of He atoms. In other words, the critical He concentration for heterogeneous
nucleation at a GB is smaller than that for homogeneous nucleation. Therefore, a bubble finds it easy
to nucleate around a GB where the nucleation barrier is low.

 

Figure 2. Illustration of interfacial effects on bubble nucleation at high temperatures; (a) spherical
nucleus in the matrix, (b) lenticular nucleus at a grain boundary (GB), (c) truncated lenticular nucleus
at a GB-precipitate, all assumed to have the same volume [8].

1.2.3. The Coarsening of Bubbles

Apparently, bubbles tend to grow into voids, namely bubble to void transformation.
After nucleation, bubbles can continue to grow by capturing He atoms and vacancies. In addition,
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the coarsening of the bubble is influenced by several parameters, such as irradiation temperature,
He concentration and irradiation time. As the temperature increases, more vacancies are activated
and the probability of combining He atoms and vacancies increases, so that the rate of bubble to
void transformation increases. In a similar way, higher He concentration and longer irradiation time,
produce bigger voids in materials. There are two classic coarsening mechanisms as shown in Figure 3:
(1) migration and coalescence (MC) [12]; (2) Ostwald ripening (OR) [13].

(1) Migration and coalescence: bubble migration is because of random rearrangements of the
bubble surface via diffusion of matrix atoms. These processes can be achieved by three ways: bulk
diffusion, surface diffusion and vapor transport. For the bulk diffusion process, atoms can migrate from
the front of a bubble into the matrix, reaching the back of the bubble through body diffusion. Surface
diffusion is due to random rearrangements of the bubble surface by diffusion of matrix atoms [8]. Vapor
transport means that matrix atoms move into a bubble in the form of vapor, thereby changing its shape
and causing it to migrate. Usually, the migration of bubbles is random, that is to say, Brownian motion.
Small bubbles will migrate and coalesce into larger bubbles and voids by various ways. Different from
bubbles, void migration depends on surface ledge nucleation significantly [14]. This mechanism has
been demonstrated in vanadium by in situ hot stage transmission electron microscopy (TEM), where
the voids migrate in a random walk manner at 0.55Tm [15].

(2) Ostwald ripening: large bubbles can coarsen by capturing and absorbing He atoms, which are
dissolved by thermal activation from other small bubbles.

 
Figure 3. Schematic illustration of the two main bubble coarsening mechanisms, (a) migration and
coalescence via surface diffusion, (b) Ostwald ripening due to He fluxes driven by differences in the
thermal equilibrium He concentrations in the vicinity of small and large bubbles [8].

Temperature is a key parameter that determines coarsening mechanisms. The OR mechanism
dominates at high temperatures, suggesting that the bubble dissociation needs higher thermal activation
energy than that for driving bubble migration. The energy driving bubble dissociation is not high
enough at low temperatures, therefore, the growth of bubbles at low temperatures depend strongly
upon the MC mechanism, especially upon the surface diffusion [16]. Whatever mechanisms He
bubbles grow by, the number of bubbles continues to decrease with the growth of bubbles. In addition,
the mechanism about the growth of He bubbles is very complicated with presence of dislocations,
interfaces and other defects. Under high temperature creeping, dislocations motion and GBs sliding
can sweep a He bubble, thus promoting the growth of this bubble [17].
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1.3. The Influence of He Ion Irradiation on Mechanical Properties

As inert gas atoms, He atoms are nearly insoluble in nuclear materials. They usually diffuse and
aggregate interstitially and combine with vacancies or cavities. Cavities can continue to migrate and
grow. This process can lead to hardening, swelling, embrittlement and surface deterioration, hence
degrading mechanical properties.

Since He ion irradiation can induce abundant bubbles which hinder dislocation motion severely,
hardening often takes place in irradiated materials. Yang et al. conducted the same irradiation
experiments at room temperature for Ni, 304 stainless steel and CrMnFeCoNi, which have similar
hardening behavior despite the different compositions these materials possess [18]. Similar results also
appeared in nanolayered composites, for example, most multilayers suffered hardening after He ion
irradiation at room temperature [19–22].

Bubbles can grow continuously by absorbing He atoms and vacancies to form large voids, thus
making materials swell. Wakai et al. studied swelling behaviors in Ni alloys (Ni–Si alloys, Ni–Co alloys
and so on) by high dose irradiation experiments [23]. They found the percent of swelling increases
with the size and number density of voids increasing in these Ni alloys. In addition, when pure Ni
was irradiated with a dose of 5 × 1017 ions/cm2 and annealed at 973 K, the swelling was more than
6% [24].

With numerous big voids forming in materials, embrittlement and surface deterioration take
place inevitably. Shinohara et al. did a series of tensile experiments at different temperatures for
unirradiated and irradiated pure Fe (where samples were irradiated using 100 keV He ions with a
dose of 1× 1017 ions/cm2) [25]. They found the ductile–brittle transition temperature for irradiated
polycrystalline Fe is higher than that for unirradiated Fe. Although irradiation-induced defects are
within 1 μm of the surface, bulk samples show more embrittlement after irradiation. About surface
deterioration, Yoshida, et al. found the surface of W samples transformed from straight to wavy after
irradiation [26].

1.4. Strategy for Irradiation Resistance: Interfaces

Generally, He ion irradiation damage results from numerous point defects (interstitials and
vacancies) induced by the irradiation process. The point defects can aggregate and form cavities
(bubbles and voids) which degrade materials severely [4]. Interfaces, as typical planar defects, whether
homogenous GBs or heterogeneous phase interfaces, can attract, absorb and annihilate point defects
efficiently [5,6].

For homogenous GBs, Bai et al. found GBs have a surprising “loading–unloading” effect during
He ion irradiation [27]. During irradiation, interstitials were absorbed into GBs via the loading process,
then GBs as a source emitted interstitials to annihilate vacancies in the bulk near GBs. This GB assisted
process has a much lower energy barrier compared with conventional defects diffusion. Also, this
mechanism is efficient for annihilating irradiation-induced defects in the bulk, resulting in self-healing
of the irradiation damage.

For heterogeneous interfaces, taking Cu/Nb interfaces for example, there are numerous misfit
dislocations at Cu/Nb interfaces because of lattice mismatch, and these dislocations can form misfit
dislocation interactions (MDIs). Also, these MDIs can absorb and trap point defects efficiently and
induce “platelet-to-bubble” transition (Figure 4) at interfaces during irradiation [28]. This transition is
governed by a competition between three kinds of pressures acting on interfacial He-filled bubbles:
the mechanical pressure pHe of the trapped He gas, the osmotic pressure pV due to the flux of
radiation-induced vacancies within the crystal to the bubble, and the capillary pressure pc arising from
the surface energy of the bubble. pHe and pV tend to expand the bubble while pc tends to shrink it. If
these three pressures balance, like this [28]:

pHe + pV = pC (2)
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then, the bubble is in equilibrium: it neither expands nor contracts.
At the same irradiation condition, a spherical bubble, ~2 nm in diameter, forms within a crystalline

solid, while a platelet-shaped He-filled bubble generates at an interface. Also, the volume of such
platelets was nearly three times smaller than that of bubbles in face-centered cubic (FCC) Cu with the
same number of He atoms [29]. Thus, platelets store He atoms more efficiently than spherical bubbles
and leads to less He-induced hardening and swelling prior to void formation. Therefore, as platelets
do not degrade materials as much as bubbles, heterogeneous interfaces can make materials possess
more irradiation resistance.

 
Figure 4. Left: Location-dependent energy of Cu/Nb interfaces. The bright, high-energy regions are
heliophilic. Right: A He platelet transforms into a bubble once it has grown to occupy the entire
heliophilic patch on which it nucleated [28].

2. Irradiation Response in Nanostructured Materials

2.1. The Interactions between Cavities and Interfaces

Although interfaces can absorb, trap and annihilate defects efficiently during He ion irradiation,
cavities (bubbles and voids) form in most nanostructured materials as the implantation dose is enough.
However, interfaces can still tune cavities. There are two types of interactions between interfaces
and cavities. First, cavities can stay away from interfaces and generate void-denuded zones [30–32].
Second, cavities can adhere to interfaces or cross interfaces [22,32,33]. There are many factors that
tailor the formation of cavities, such as implantation dose, temperature and layer constitution. Also,
a bubble will transform into a void as it grows, thus bubble and void are at different stages during
the growth of a cavity. Once a cavity forms, and the interaction between it and the interface does not
change with the growth of this cavity. Therefore, we will take the void as an example and discuss
void-interface interactions.

2.1.1. Void-Denuded Zones near Interfaces

A void-denuded zone (VDZ) can generate in accumulative roll bonding (ARB) Cu/Nb nanolayered
composites when the irradiation experiment is designed like Figure 5a [31]. When He ions are
implanted parallel to the interfaces, the interfaces can absorb defects induced by irradiation efficiently
and make defect concentration lower near the interfaces than that within layers. The difference in
defect concentration between layer interiors and interfaces leads to long-range diffusion of defects
toward interfaces. Once a steady state is established, the defect concentration monotonically increases
from interfaces to the interiors of layers, thus inducing the density gradient of voids which is controlled
by the diffusion process [30]. In other words, the density of voids in the layers is higher than that near
the interfaces. It can be proved by counting the number of voids in different areas within the Cu layer
(Figure 5b,c). However, different interfaces may have different abilities for sinking defects induced
by irradiation, therefore, they may form different gradients for defect concentration and generate
VDZs with different widths. These abilities can be estimated by the widths of VDZs (Figure 5d). In
other words, the wider VDZs are, the better sinking efficiency interfaces have. For example, Figure 5e
shows widths of VDZs for different Cu/Nb interfaces in 135 nm ARB Cu/Nb, such as Cu {112}//Nb {112}
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interfaces, Cu {111}//Nb {110} interfaces and so on. The widths of VDZs are measured by TEM pictures
and the orientation relationships of the interfaces are confirmed by precession electron diffraction
(PED). According to these widths, we can find these atomic-ordered Cu {112}//Nb {112} interfaces have
the best sinking abilities for defects.

Figure 5. (a) Schematic illustration of the He ion irradiation experimental procedures. (b) Illustration
of the method to determine the void number density in Cu layers. (c) Plot of the number density of
voids as a function of distance from the center of the layer in 133 nm-, 30 nm- and 15 nm-thick Cu layers.
(d) Under-focus TEM image showing a void-denuded zone (VDZ) near a Cu/Nb interface. (e) Widths
of VDZs near Cu/Nb interfaces sorted by their plane orientations [31].

2.1.2. Voids Adhere to Interfaces or Cross Interfaces

Voids can adhere to interfaces or cross interfaces. In Figure 6a,b, voids adhere to interfaces
in bulk Cu/Ag and ARB Cu/Nb nanolaminates irradiated using 200 keV He ions with a dose of
2× 1017 ions/cm2 at 450 ◦C. However, voids adhere to interfaces on the side of the Ag layer in bulk
Cu/Ag and in the Cu layer for ARB Cu/Nb [22,33]. This asymmetrical void–interface interaction is a
consequence of different surface energies of the two metals and non-uniformity in interface energy [33].
To confirm this explanation further, first, we introduce void–interface interaction on twin boundaries
(TBs) as shown in Figure 6c. TBs possess uniform interface energy and the matrix and twin have
the same surface energy, therefore voids cross TBs symmetrically. Second, we take bulk Cu/Ag as
an example and use an interface wetting model (Figure 7a) to explain this asymmetrical interaction.
The equation regarding a wetting model can be written as [33]:

W = γA−C + γA−B − γB−C (3)

where γA−C, γA−B and γB−C are surface energy of A–C, A–B and B–C interface. In Figure 7b, if W > 0,
voids will stay in the A phase and touch the interface because wetting is favored. In contrast, if W < 0,
wetting is not favored, voids should have minimum energy and stay within the phase (the A phase)
with the lower free surface energy entirely. In addition, there are abundant MDIs at Cu/Ag interfaces
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(Figure 7c). Molecular dynamics (MD) simulation shows that W > 0 at MDIs and W < 0 at coherent
parts of the interface between MDIs (Figure 7d), therefore, voids only wet MDIs during irradiation.
Once a void has grown large enough to cover an entire MDI, it is not thermodynamically favorable for
this void to continue to wet the interface regions where W < 0. Instead, the void prefers extending into
the Ag layer with lower surface energy.

Irradiation experiment parameters, such as temperature and layer thickness, can also determine
whether voids adhere to interfaces or cross interfaces [22]. For 58 nm ARB Cu/Nb, voids do not cross
the interfaces independent of implantation dose at room temperature, but voids can overlap interfaces
at 450 ◦C (Figure 8a,c,e). The increase of irradiation dose can only induce the growth of voids, and high
irradiation temperature can not only increase the size of voids but also make voids cross interfaces. For
16 nm ARB Cu/Nb, voids always adhere to the interfaces from the Cu layer and never cross interfaces
despite irradiation temperature (Figure 8b,d). Layer thickness is another key point for the distribution
of voids. ARB Cu/Nb interfaces have excellent abilities for irradiation resistance, therefore voids are
confined within Cu layers despite the temperature for 16 nm ARB Cu/Nb with a high interface density.

 
Figure 6. (a) Over-focus TEM image of the Cu/Ag composite after He ion irradiation at 450 ◦C [33].
(b) Under-focus TEM image of the ARB Cu/Nb nanolayered composites after He ion irradiation at
450 ◦C [22]. (c) High resolution transmission electron microscopy (HRTEM) image shows void wetting
of a coherent (111) Ag twin boundary [33].
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Figure 7. (a) Schematic of wetting model on interfaces. (b) Schematic of a void wetting a single misfit
dislocation interaction (MDI) where W > 0 at a Cu/Ag interface. (c) Misfit dislocation network in
the cube-on-cube Cu/Ag interface. Atoms shown are on the Cu side of the interface and colored by
coordination number. (d) Contour plot of the location-dependent interface energy of a Cu/Ag interface.
Black contours correspond to zero wetting energy [33].

 
Figure 8. TEM images of accumulative roll bonding (ARB) Cu/Nb after He ion irradiation with different
layer thickness, implantation dose and temperature. (a) 58 nm, 2× 1017 ions/cm2, room temperature
(RT); (b) 16 nm, 2× 1017 ions/cm2, RT; (c) 58 nm, 6.5× 1017 ions/cm2, RT; (d) 16 nm, 2× 1017 ions/cm2,
450 ◦C; (e) 58 nm, 2× 1017 ions/cm2, 450 ◦C [22].

2.2. Interfaces Effects on Irradiation Damage

Cavity is a basic form of irradiation production, and its diameter, density and distribution
can significantly influence irradiation damage during He ion irradiation. Also, effects of cavity on
irradiation damage can be tailored by interfaces. Interfaces can be divided into incoherent interfaces,
semi-coherent interfaces and coherent interfaces [34,35]. When lattice mismatch on a boundary is
large, and arrays of misfit dislocations and elastic deformation on the boundary cannot accommodate
this strain, the boundary is an incoherent interface. However, when arrays of misfit dislocations
can mediate this strain, the boundary is a semi-coherent interface. When elastic deformation can
accommodate this strain, the boundary is a coherent interface. Next, we will discuss the interface
effects on cavity induced irradiation damage.
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2.2.1. Incoherent Interfaces

Most GBs are typical incoherent interfaces, and they are believed to have excellent abilities for
sinking defects due to the surprising “loading–unloading” effect which has been illustrated in the
previous chapter. Also, this ability for sinking defects (sink strength) is related to grain size for the
same materials. To describe the relationship between sink strength and grain size, Bullough et al. [36]
used the cellular model and acquired this relationship:

k2
gb = 15/R2, (4)

where k2
gb is the sink strength for grain boundary and R is grain size. From this equation, we can find

that sink strength increases with grain size decreasing.
Nanocrystalline (NC) materials have good irradiation resistance compared to their coarse-grained

(CG) counterparts because of large sink strength for irradiation induced defects. For example, austenitic
Fe–Cr–Ni ternary alloys fabricated by vacuum cast and subsequent hot isostatic pressing have coarse
grains with a grain size of 700 μm (Figure 9a). The alloys display ultrafine grains (UFG) with a grain
size of 400 nm after equal channel angular pressing (ECAP) up to eight passes at 500 ◦C (Figure 9b).
In Figure 9c,d, when CG and UFG Fe–Cr–Ni alloys are irradiated together using 100 keV He ions to a
dose of 6× 1016 ions/cm2, UFG Fe–Cr–Ni alloys have less bubbles compared to CG Fe–Cr–Ni alloys
(Figure 9e). Also, the average bubbles size in UFG Fe–Cr–Ni alloys is 1.0 nm, which is smaller than
that in CG Fe–Cr–Ni alloys (Figure 9f) [37].

Figure 9. (a) An optical microscopy image of as-received coarse-grained (CG) Fe–Cr–Ni alloy. (b) TEM
micrograph of ultrafine grain (UFG) Fe–Cr–Ni alloy after equal channel angular pressing (ECAP).
(c,d) Under focused TEM micrograph of He ion irradiated CG and UFG Fe–Cr–Ni alloys. (e) Depth
dependent bubble density in irradiated CG and UFG Fe–Cr–Ni alloy. (f) Bubble diameter distribution
in the peak damage region of He ion irradiated CG and UFG Fe–Cr–Ni alloys [37].

In situ irradiation experiments also have been conducted in order to confirm this superior
irradiation tolerance of GBs. NC Fe films fabricated by sputter deposition experienced in situ He
ion irradiation with a total dose of 2.8× 1021 ions/m2 in TEM. Figure 10 shows TEM pictures of the
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samples after irradiation and the profile plotted with average void density vs. grain size (area). During
this irradiation experiment, the appearance of void-denuded zones was recorded accurately in videos.
Also, the smaller grain diameter resulted in less void density [38]. These results prove that GBs have
superior sinking abilities and NC materials can alleviate irradiation damage effectively.

 
Figure 10. (a) Over-focused bright field TEM images of 10 keV He ion irradiation on nanocrystalline
iron at calibrated temperatures of 700 K. (b) Areal bubble density (number/nm2) vs. grain size (area)
for 10 keV He ion irradiation on nanocrystalline iron at 700 K [38].

2.2.2. Semi-Coherent Interfaces

Most multilayers fabricated by physical vapor deposition (PVD) have semi-coherent interfaces,
such as PVD Cu/Nb, Cu/V and Cu/Mo. Their interface structures are similar, for instance, PVD Cu/Nb,
Cu/V and Cu/Mo have atomic straight FCC {111}//BCC {110} interfaces (where FCC is face-centered
cubic and BCC is body-centered cubic). These multilayers also have superior irradiation resistance
due to abundant MDIs at interfaces which can trap defects effectively and induce “platelet-to-bubble”
transition during irradiation. Also, the sink strength is related to layer thickness for the same multilayer,
and the relationship between sink strength and layer thickness can be described as [39]:

k2
h = 12η/h2, (5)

where k2
h is the layer interface sink strength, h is layer thickness and η is a constant for the multilayer.

When lattice mismatch on the layer interface is large, η is also large.
There are many experimental results [7,19,40–43] which are consistent with what these theories

predict. When PVD Cu/V and Cu/Mo were irradiated using He ions with a dose of 6× 1016 ions/cm2,
the diameters of bubbles were all about 1 nm (Figure 11a,b), and the densities of bubbles all decreased
with layer thickness reducing because the sink strengths increased [19,40]. Moreover, PVD Cu/Nb has
the largest sink strength in these multilayers with the same layer thickness, because lattice mismatch
on the Cu/Nb interface is highest according to O-lattice theory [44,45]. For PVD Cu/Nb with 100 nm
layer thickness, the size of bubble was 1 nm (Figure 12a,b) when it was irradiated by He ions with
a dose of 1 × 1017 ions/cm2 [7], although this implantation dose is higher than the PVD Cu/V and
Cu/Mo experienced. Also, when 2.5 nm PVD Cu/Nb experienced the same irradiation, bubbles were
not observed independently of defocused conditions of TEM (Figure 12c) [7]. In other words, high
density of semi-coherent interfaces, which have the superior sink strength for irradiation-induced
defects, can hinder bubble formation significantly in 2.5 nm PVD Cu/Nb.

Semi-coherent interfaces also have superior irradiation resistance at high temperatures. For
example, when 120 nm PVD Cu/Nb experienced He ion irradiation with a dose of 1× 1017 ions/cm2 at
490 ◦C, voids generated in the Cu layer and displayed a size range between 4.5 and 43 nm (Figure 13a).
In contrast to the Cu layer, bubbles formed in the Nb layer and their diameter was 1 nm [46]. For 5 nm
PVD Cu/Nb, voids in Cu layers spanned the whole Cu thickness and elongated between 7 and 11 nm,
while the size of bubbles in Nb layers was still about 1 nm (Figure 13b). From these results, we can see
bubbles coarsen rapidly and voids form in the Cu layer, and bubbles in the Nb layer do not change at
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the elevated temperatures. The reasons for this phenomenon are as follows: first, T > 0.5Tm in the
Cu layer, the migration of vacancies is easy, and bubbles coarsen rapidly and transform into voids by
absorbing interstitials and vacancies. Second, T < 0.5 Tm in the Nb layer, the migration of vacancies
is not as easy as that in Cu and bubbles coarsen slowly by absorbing interstitials. Although bubbles
grow rapidly and voids form inevitably in the Cu layer at high temperatures, semi-coherent interfaces
can confine big voids within the layers and control the distribution of cavities. Also, the size of voids
decreases with the increasing density of interfaces.

 
Figure 11. Under focused TEM images of He ion irradiation on multilayers with a dose of 6 ×
1016 ions/cm2. (a) Cu/V multilayers [19]; (b) Cu/Mo multilayers [40].

 
Figure 12. (a) Low magnification TEM micrograph of 100 nm Cu/Nb multilayer irradiated with He ions
at 150 keV with a dose of 1× 1017 ions/cm2. (b) Defocused HRTEM micrograph of Cu/Nb interfaces
indicated cavities in each constituent has 1 nm in diameter and aligned along the interface. (c) 2.5 nm
Cu/Nb multilayers subjected to He ion irradiation at 150 keV with a dose of 1× 1017 ions/cm2 [7].

 
Figure 13. (a) Cavities in irradiated Cu/Nb multilayers with 120 nm layer thickness. (b) Cavities in He
ion irradiated Cu/Nb multilayers with 5 nm layer thickness [46].
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Besides layer interfaces in multilayers, some ferrite/precipitate interfaces (ferrite/Y2Ti2O7 interfaces)
are also semi-coherent interfaces in the nano-sized oxide dispersion strengthened (ODS) steels [47].
These interfaces can trap interstitials and vacancies efficiently and prevent abundant vacancies
and He from entering ferrite. Therefore, ODS steels, which have abundant ferrite/oxide interfaces,
possess excellent irradiation resistance. To explain this ability of trapping defects, Yang et al. [48]
conducted structural relaxations and energetic calculations using the density functional theory (DFT) for
ferrite/Y2Ti2O7 interfaces in ODS steels. They found these interfaces have the cube-on-cube orientation
relationship of {100} < 100>Fe// {100} < 100> Y2Ti2O7 and enrich Yi and Ti. Also, the interfacial He and
vacancy formation energies are lower at the ferrite/Y2Ti2O7 interfaces than at ferrite matrix and GBs as
predicted in Reference [48].

In order to prove superior irradiation resistance of ODS steels, some irradiation experiments were
also performed. For example, when 14Cr-ODS and Eurofer 97 steel experienced He ion irradiation
with a dose of 1× 1017 ions/cm2 at 400 ◦C [49], the average bubble size at the peak depth was 3.6 nm
in 14Cr-ODS, and 5.2 nm in Eurofer 97 (Figure 14a–c). Also, the maximum bubble volume fraction
in 14Cr-ODS was 0.5%, and 1.1% in Eurofer 97 (Figure 14a,b,d). Compared to Eurofer 97, 14Cr-ODS
contains abundant nano-sized Y2Ti2O7 precipitates which are identified in Figure 11e,f. Therefore,
these dominant ferrite/Y2Ti2O7 interfaces lead to smaller bubble size and less bubble volume fraction.

Figure 14. (a,b) High-angle annular dark field (HAADF) images of the highest helium concentration
regions (600–920 nm from the surface) for Eurofer 97 and 14CrODS steel, overlaid with predicted
displacement per atom (DPA) and He concentration profile; (c,d) helium bubble distribution (average
bubble diameter and helium bubble volume fraction.) versus depth; (e) a Y2Ti2O7 precipitate; (f)
HRTEM of the pyrochlore structure Y2Ti2O7 [49].

2.2.3. Coherent Interfaces

Coherent twin boundaries (CTBs) are typical fully coherent interfaces. During He ion irradiation,
CTBs are believed to not possess as strong an ability for sinking irradiated defects as normal GBs, the
reasons are as follows [50]: first, the excess free volume is low near CTBs; second, atomistic simulations
find the vacancy and interstitial formation energies at CTBs are nearly identical to that at the interior
of grains.

Nanotwined (NT) materials despite possessing high density of CTBs, however, cannot resist He
ion irradiation damage efficiently. Taking NT Cu films as an example, we illustrate this weak ability of
irradiation resistance for NT materials further [50]. In Figure 15, when experiencing He ion irradiation
at a dose of 1× 1017 ions/cm2, the diameter of bubbles in NT Cu films is about 2 nm, which is larger
than that in PVD Cu/Nb whose layer thickness is similar to the twin spacing. Bubbles can be observed
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throughout all implanted regions, even within 5 nm of the surface where He concentration is very low
(<1× 1016 ions/cm2). Also, the density of bubbles in NT Cu films is similar to that in coarse-grained
Cu under the same irradiation parameter.

To confirm this limited effect of CTBs on He ion irradiation resistance, some studies have compared
the irradiation response of GBs and CTBs for He ion irradiation directly [51]. In their work, TEM
samples of Cu which have GBs and CTBs were irradiated with a dose of 1 × 1017 ions/cm2. Then,
the distribution of cavities around GBs and CTBs was acquired. In Figure 16a, the density of cavities
is lower near GBs and cavity-depleted zones (like void-denuded zones) along the GBs are readily
observed. However, cavities are almost homogenously distributed across the CTBs (Figure 16b),
suggesting that CTBs do not trap defects efficiently and hinder cavity formation compared to GBs.
Also, some zones can be selected to evaluate the interface effects for irradiation resistance quantitatively.
In Figure 16c, zone 1 and zone 2 around interfaces are chosen (GB and CTB) for counting cavities,
and the statistical results are shown in Figure 16d. For GBs, the number of cavities in zone 2 is about
three times of that in zone 1. However, for CTBs, the number of cavities in zone 1 and zone 2 is similar.
It means that GBs can alleviate He ion irradiation resistance efficiently and lower the density of cavities
locally (about two thirds) and CTBs do not have the same strong ability compared with GBs.

 
Figure 15. (a) Depth profile of He concentration in nanotwined (NT) Cu film implanted to a dose
of 1× 1017 ions/cm2 with 33 keV He ions, calculated using the stopping and range of ions in matter
(SRIM). (b) Under-focused (−2 um) bright field TEM image from near surface. (c,d) Near-focus and
under-focused (−2 um) bright field TEM images from a depth of 150 nm (peak He concentration) [50].
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Figure 16. (a,b) Cavities near general a grain boundary and twin boundary in Cu after He ion irradiation.
(c) high-magnification micrograph of the cavities near the twin boundary. (d) Statistical data of the
cavities number adjacent to two types of the boundaries [51].

Some multilayers also have abundant coherent interfaces because lattice mismatch along their
interface can be accommodated by coherency strain. Compared to twin boundaries, these heterogeneous
coherent interfaces have better abilities for resisting He ion irradiation. The reasons can be summarized
as follows: first, coherent interfaces have coherent stress which can promote vacancies and interstitials
migration to interfaces [52]; second, coherent interfaces are interrupted by irradiation induced defects
and generate disconnections which can absorb defects further; third, once bubbles nucleate on the
interfaces, coherency stress can hinder bubble growth.

To prove the good sink ability for heterogeneous coherent interfaces, PVD Cu/Fe with 0.75 nm
layer thickness is taken for an example [20]. PVD Cu/Fe with 0.75 nm has numerous Cu {111}//Fe {110}
interfaces according to X-ray diffraction (XRD) analysis. After irradiation using 100 keV He ions with a
dose of 6× 1016 ions/cm2 at room temperature, the diameter of bubbles is about 1 nm (Figure 17a),
which is comparable to that in PVD Cu/V and Cu/Mo experienced the same He ion irradiation. Also,
although these Cu/Fe interfaces are coherent, cavities are still confined by interfaces (Figure 17b) and
their diameter is curtailed with layer thickness reducing (Figure 17c). In conclusion, nanostructured
materials with heterogeneous coherent interfaces can also resist irradiation damage efficiently.

 
Figure 17. (a) TEM images of irradiated fully coherent 0.75 nm Cu/Fe multilayer. (b) Schematics
illustrate that in a coherent 0.75 nm Cu/Fe multilayer, He bubbles prefer to nucleate in Cu layers and are
constricted to reside inside Cu layers. (c) The variation of He bubble density with layer thickness h [20].
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3. The Evolution of Mechanical Properties of Irradiated Nanostructured Materials

After irradiation, the mechanical properties of nanostructured materials change due to the
formation of cavities. However, these changes can be tuned by interfaces. Next, taking hardening and
softening behaviors as examples, we will discuss these interface-related changes of properties in detail.

3.1. Hardening Behavior: Small Cavities

Compared to their large-sized counterparts (where size represents grain size in NC materials, layer
thickness in nanolayered composites and so on), smaller cavities can form in nanostructured materials
after the same He ion irradiation at room temperature because of interface effects. These small cavities,
like nanoscale precipitated phases, can block dislocation motion severely, thus contributing to hardening
in nanostructured materials. Also, irradiation dose and the size of the nanostructured materials, which
determine the density of small cavities, can influence the hardening rate. These influences have been
investigated widely by hardness measurement before and after irradiation [22,43,53–56]. As shown in
Figure 18, we can see hardening is directly proportional to irradiation dose for PVD Cu/V [53]. Also,
hardening becomes weak with layer thickness decreasing for PVD Ag/V, Ag/Ni and Cu/V [43,54,55],
and it becomes strong with layer thickness decreasing for PVD Cu/Co [56]. In other words, there are
two types of size effects on irradiation-induced hardening in nanostructured materials. Next, taking
PVD Ag/V and Cu/Co as examples, we explain these size effects.

 

Figure 18. (a) Irradiation hardening in He ions irradiated Ag/V, Ag/Ni, Cu/V multilayers scaling
with layer thickness. (b) Fluence dependence of irradiation hardening in He ion irradiated Cu/V
multilayers [39].

In PVD Ag/V, the relationship between hardening ΔH and layer thickness h can be described
by [43]:

ΔH = 9τi(1− l√
2h

), (6)

where τi is the average shear strength of bubbles, and l is the average obstacle spacing.
Also, τi which is related to interface can be acquired by the Orowan model and l can be gauged by

TEM images. When h > 100 nm, the dislocation pile-up mechanism [57] dominates in as-deposited
multilayers. At this length scale, multilayers exhibit some mechanical behavior like bulk. Therefore,
h is infinite and ΔH ≈ 9τi. When 5 nm < h < 100 nm, the confined layer slip model [58] dominates
in as-deposited multilayers, and cavities appear near interfaces and inside layers which contribute
to hardening. At this length scale, ΔH can be directly calculated by the equation above (Figure 19a).
When h < 5 nm, the interface crossing mechanism [59] dominates in as-deposited multilayers. At
this length scale, a few cavities form because the interfaces of high density can trap and annihilate
numerous irradiation-induced point defects (Figure 19b), and these cavities interfere with the crossing
dislocations. Under this condition l > h, ΔH is small and even negligible sometimes.

In PVD Cu/Co, the hardening increases with reducing layer thickness. This abnormal size effect is
because interface structures change with decreasing layer thickness. The change of interface structure
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influences the strengthening mechanism for PVD Cu/Co. In order to explain this size effect in detail,
we divide layer thickness into two sections.

When h < 10 nm, Cu/Co interfaces are coherent and the hardness of as-deposited multilayers is
dominated by the interface barrier strength to transmission of partial dislocations. After radiation,
cavities at the layer interfaces are typically over-pressurized and strong obstacles [19,54,55], thus these
partials have to constrict to full dislocations (in Cu layers) before transmitting to the adjacent Co layers
(Figure 20). In other words, cavities can strengthen interfaces and block dislocation transmission.
At this length scale, cavities-induced hardening is predominant. When 50 nm < h < 200 nm, Cu/Co
interfaces are incoherent and the hardness of as-deposited multilayers is determined primarily by
high-density stacking faults (SFs) in Co. After irradiation, cavities distribute both along interfaces and
within the layers. However, the average cavity spacing l for 100 nm PVD Cu/Co is about 9 nm, which
is much larger than the average spacing between SFs (Figure 21). At this length scale, cavity-induced
hardening is negligible compared to high density of SFs in multilayers.

Figure 19. Schematic illustration of the bubble distribution in multilayers (the circles indicate bubbles).
(a) When the layer thickness is a few tens of nanometers, h > l and the deformation is via confined
layer slip. (b) When the layer thickness is of the order of a few nanometers, h < l, the yield strength is
determined by the crossing of single dislocations across interfaces [43].
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Figure 20. Hypothetical schematics compare strengthening mechanisms in as-deposited and irradiated
Cu/Co (100) multilayers at small h (h = 5 nm). (a1, a2) In as-deposited films, partials can trespass layer
interfaces owing to the low stacking fault energy of Cu and Co. (b1, b2) However, after radiation,
bubbles at the layer interface disrupt the transmission of partials [56].

 
Figure 21. Hypothetical schematics illustrate different strengthening mechanisms in as-deposited and
irradiated Cu/Co (100) multilayers at large h (h = 50–200 nm). (a) In the as-deposited state, partial
dislocations can transmit across the Cu/Co interface relatively easily; (b) After radiation, high-density
He bubbles are distributed both along the layer interface and within the layers [56].

3.2. Softening Behavior: Large Cavities

When nanostructured materials are irradiated at high temperatures (more than half of the melting
point of constituent), cavities can grow rapidly by absorbing abundant interstitials and vacancies. In
this case, softening would occur in nanostructured materials after irradiation. For example, hardness of
58 nm ARB Cu/Nb decreased from 3.8 GPa to 3.2 GPa [22] after He ion irradiation at 450 ◦C with a dose
of 2× 1017 ions/cm2. Also, when NC W experienced He ion irradiation at a dose of 3.6× 1017 ions/cm2

at 950 ◦C, its hardness decreased severely from 8.5 GPa to 6.8 GPa [60]. According to TEM images
for these irradiated samples (Figure 22), the softening behavior can be explained as follows: first,
the size of cavities is large. These cavities are weak obstacles to dislocation and even are sources of
dislocations owing to their large surface; second, the large cavities that cross interfaces can destroy
interface structures, thus reducing the interface barrier strength to the transmission of dislocations,
leading to softening.

152



Materials 2019, 12, 2639

Figure 22. (a) Cavities in irradiated Cu/Nb multilayers with 58 nm layer thickness [22]. (b) Cavities in
irradiated nanocrystalline W [60].

4. Summary and Outlook

He ion irradiation can induce numerous defects (interstitials and vacancies), and form He bubbles.
These bubbles can induce swelling, hardening, embrittlement and surface deterioration, thus degrading
mechanical properties substantially.

Nanostructured materials have excellent irradiation responses to He ion irradiation due to high
density of interfaces. These interfaces can tune cavities, such as making cavities stay away from
interfaces, adhere to interfaces and cross interfaces.

Different interfaces, such as GBs, oxide precipitate interfaces, heterogeneous layer interfaces and
TBs, may have different sink strengths for He ion irradiated defects. The He ion irradiated results, like
size and density of cavities, can be reduced effectively in nanostructured materials. As for multilayers
with semi-coherent interfaces, different parameters, such as lattice mismatch on the interface, layer
thickness, irradiation dose and temperature, can influence these results. The specific relationships
between these factors and results are concluded in Table 1. Also, the formation of cavities can be
suppressed completely. For example, when Cu/Nb multilayers with 2.5 nm layer thickness experienced
He ion irradiation with a dose of 1× 1017 ions/cm2 at room temperature, no cavities formed.

Table 1. The relationships for multilayers between lattice mismatch, layer thickness, irradiation dose,
temperature and cavity size, cavity density.

Lattice Mismatch Layer Thickness Irradiation Dose Temperature

Cavity size − + + +
Cavity density − + + −

“+” means positive relationship, for example, cavity size decreases with layer thickness reducing. “−” means
negative relationship, for example, cavity density decreases with lattice mismatch increasing.

Moreover, after irradiation, both hardening and softening can occur depending on the cavity size.
As for multilayers, there are opposite relationships between hardening and layer thickness due to
different interface structures.

Although the interface effects on He ion irradiation have been studied extensively recently, there
are still numerous subjects that require in-depth exploration.

First, studies on evolution of mechanical properties of irradiated nanostructured materials, such
as tensile strength, ductility and so on, are needed. These studies can build relationships between
interfaces and application-related properties for nanostructured materials.

Second, more in situ He ion irradiation experiments should be performed for understanding the
interactions between interfaces and defects better for different nanostructured materials. Such as in
situ TEM study on He ion irradiation can supply direct evidence for defect/cavity formation, migration
and interaction with interfaces.

Third, besides interstitials, vacancies and cavities, the interface effects on other defects, like
dislocation loops, should also be investigated in-depth.
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Abstract: This paper provides a new method to compare and then reveal the vacancy sink efficiencies
quantitively between different hetero-interfaces with a shared Cu layer in one sample, in contrast
to previous studies, which have compared the vacancy sink efficiencies of interfaces in different
samples. Cu-Nb-Cu-V nanoscale metallic multilayer composites (NMMCs) containing Cu/V and
Cu/Nb interfaces periodically were prepared as research samples and bombarded with helium ions to
create vacancies which were filled by helium bubbles. A special Cu layer shared by adjoining Cu/V
and Cu/Nb interfaces exists, in which the implanted helium concentration reaches its maximum and
remains nearly constant with a well-designed incident energy. The results show that bubble-denuded
zones (BDZ) close to interfaces exist, and that the width of the BDZ close to the Cu/V interface is less
than that of Cu/Nb interface. This result is explained by one-dimensional diffusion theory, and the
ratio of vacancy sink efficiency between Cu/V and Cu/Nb interfaces is calculated. Conclusively, Cu/Nb
interfaces are more efficient than Cu/V interfaces in eliminating vacancies induced by radiation.

Keywords: radiation damage; sink efficiency; multilayer composite; interface; vacancy

1. Introduction

Nanoscale metallic multilayer composites (NMMCs) have been widely studied due to their
ultra-high strengths and enhanced radiation damage tolerance. During the last decade, a number of
NMMCs were fabricated and researched, including Cu/Nb [1–3], Cu/V [4–9], Cu/Co [10], Cu/W [11],
Ag/Ni [12] Al/Nb [13] etc. Hetero-interfaces, which separate adjacent layers with different structures
or chemistry elements in these NMMCs, are found to act as sinks for point defects [14–16] during
ion irradiation. In order to characterize the ability of a specific interface in absorbing point defects,
the quantity called “sink efficiency” was firstly proposed by Sutton and Balluffi [17]. Experimental and
computational studies suggest that sink efficiency can depend strongly on the interface crystallography
and chemistry [18]. Cu/Nb and Cu/V NMMCs are usually chosen as the research targets to
investigate how hetero-interfaces eliminate radiation-induced point defects efficiently. However,
few experiments [19] provide a quantitative measurement of sink efficiency up to now, in which
Shimin Mao et al. successfully compared the sink efficiencies of three kinds of interfaces, Cu/Nb, Cu/V,
and Cu/Ni, based on the effects of different interfaces on radiation-enhanced diffusion. In this paper,
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a new method, based on observing the distribution of radiation-induced defect clusters, is proposed to
conveniently and visually compare and then reveal the sink efficiencies of different interfaces in the
same sample.

Cu/Nb and Cu/V NMMCs have two things in common. The first is that the Kurdjumov-Sachs
(K-S) orientation relationship [20] exists in both Cu/Nb and Cu/V interfaces, i.e., FCC (face centered
cubic) (111) // BCC (body centered cubic) (110) // interface, and FCC <1 1 0> // BCC <1 1 1>. The other
is the commonly used Cu element. Thus, we propose to take Cu as the intermediate layer connecting
the Cu/V interface and Cu/Nb interface. If the two interfaces behave in the same way, the defects
in Cu layer are expected to be distributed uniformly. However, interfaces play a big role in the
distribution of defect clusters in their vicinity zones [20,21]. By means of observing the distribution of
radiation-induced defect clusters in this intermediate Cu layer, we attempt to investigate the difference
between Cu/V and Cu/Nb interfaces, and to determine the extent of the difference.

2. Experiments

Cu-Nb-Cu-V NMMCs were prepared using the DC magnetron sputtering technique at room
temperature on Si (100) substrates with individual layer thickness of 48 nm and total thickness of
576 nm (referred to as Cu-Nb-Cu-V 48 nm thereafter). In the deposition process, a base pressure of
4 × 10−5 Pa was reached prior to deposition and argon partial pressure during sputtering was kept at
0.5 Pa. The deposition rate was approximately 0.2 nm/s.

The Stopping and Range of Ions in Matter (SRIM) [22] computer program developed by J. Ziegler
and based on the Monte Carlo method was used to calculate the depth profile of He concentration in
Cu-Nb-Cu-V NMMCs irradiated by He ions at an energy of 119 keV and a total dose of 6× 1016 ions/cm2.
Reasonably, the target model in SRIM simulation for Cu-Nb-Cu-V 48 nm NMMCs is the multilayered
model, as Figure 1 shows, exactly corresponding to the layered morphology of which the multilayered
composite consists. This model is used in the SRIM simulations of multilayered composites, differently
from the compound model used in previous studies [1–13] in which multilayered composites are
regarded as compounds. Compared to the compound model, the multilayered model highlights the
presence of every individual layer with a corresponding chemical element. Therefore, the profile of the
He concentration in every individual layer can be obtained. The threshold displacement energies of
30 eV for Cu, 40 eV for V and 60 eV for Nb [23] are chosen in the SRIM simulation.

Substrate

Depth (nm)

1 2 3 4 5 6 7 8 10 11 129

He ions

Surface

Figure 1. The depth distribution of helium concentration and dpa distribution in Cu-Nb-Cu-V 48 nm
NMMCs simulated by SRIM. The helium ions are injected perpendicularly to the surface layer which is
made of Cu and numbered as the 1st layer. The NMMCs are repeated of Cu-Nb-Cu-V periodically
and the bottom layer is numbered as the 12th layer. The energy of the incident helium ions is 119 keV,
and the total dose is 6 × 1016 ions/cm2.
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Helium ions were chosen to radiate samples to create point defects inside with an incident energy
of 119 keV. The injection dose of 6 × 1016 ions/cm2 was conducted at room temperature to make sure
that the He concentration exceeded a critical value so that the defect clusters could be observed in
TEM, as described in previous studies [6]. The temperature was almost constant during the He ion
irradiation, with a negligible fluctuation of less than 2 ◦C. The cross-sectional transmission electron
microscopy (XTEM) specimens were prepared in a sequential manner of grinding, Ar ion milling and
low energy Ar ion polishing. Then, the microstructures of Cu-Nb-Cu-V NMMCs before and after
irradiation were characterized using a FEI Tecnai F30 transmission electron microscope.

3. Results

The depth distributions of helium concentration (DHC) and displacements per atom (dpa) in
Cu-Nb-Cu-V 48 nm NMMCs are predicted by SRIM, as Figure 1 shows. The He ions are injected
perpendicularly to the surface layer, which is made of Cu and numbered as the 1st layer. The simulation
predicts that the He concentration will initially increase with the increase of the penetration depth,
before reaching a peak value of ~3.1 at.% at the beginning of the 9th Cu layer. Importantly, it remains
nearly constant in the whole of the 9th Cu layer with a fluctuation of only ±0.1 at.%. This is due to the
well-selected incident helium energy. Then, it decays over the Cu/Nb interface. Generally, the helium
concentration is symmetrically distributed in the region composed of the 8th V layer, the 9th Cu layer
and 10th Nb layer. The helium concentration reduces to zero at the interface between the bottom
vanadium layer and silicon substrate, meaning that all of these implanted helium atoms stay in the
nanolayered composite.

The in-focused XTEM micrographs of as-deposited Cu-Nb-Cu-V 48 nm NMMC are presented in
Figure 2a. The sample was composed of 12 layers in a periodical sequence of Cu-Nb-Cu-V from surface
to substrate. In order to conveniently identify the layers in the nanolayered composite, each layer is
numbered sequentially. The layer below the surface is numbered as the first layer, and that attached to
the substrate is given as the 12th layer. The surface fluctuates because of some wear and tear during
sample preparation, due to cutting and polishing. The thicknesses of these layers is almost uniform,
at around 48 nm. The layered morphology and the selected area electron diffraction (SAED) image
posted in the top-right corner collectively suggest that a strong texture structure with K-S orientation
relationships exits, i.e., Cu (111)//V (110)//Nb (110), Cu <110>//V <111>//Nb <111>.

 

Cu(111)
V(110)
Nb(110)

8   V

10 Nb
9   Cu

Substrate
100 nm

(a) As-deposited

100 nm

Surface

(b) Irradiated

11 Cu
12 V

7   Cu
6   Nb
5   Cu
4   V

8   V

10 Nb
9   Cu

11 Cu
12 V

7   Cu
6   Nb
5   Cu
4   V

Nb(110)
Cu(111)

V(110)

1   Cu
2   Nb
3   Cu
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2   Nb
3   Cu

Surface

Bubble region

Figure 2. The bright-field XTEM images and corresponding SAED images of Cu-Nb-Cu-V 48 nm
NMMCs in conditions of (a) as-deposited, (b) irradiated at room temperature with a dose of
6 × 1016 ions/cm2 at under-focused condition. In (b), bubbles are observed in the region of 7th
to 11th layers and called as “Bubble region”.
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Figure 2b displays the under-focused TEM image of Cu-Nb-Cu-V 48 nm NMMCs irradiated at
room temperature with a total dose of 6 × 1016 ions/cm2. Bubbles are observed in the region of 7th to
11th layers. These bubbles filled by helium atoms may be imaged by structure factor contrast under
dynamical or bright-field kinematical imaging conditions [24]. The contrast mechanism is similar to
that for disordered zones in ordered alloys or amorphous zones in crystalline matrices. Changing
the focus from over focus to under focus, bubbles appear dark to bright, respectively. In this way,
the existence of bubbles is confirmed. Setting the focus under a proper value, bubbles can be observed
in an optimal contrast, i.e., they are too small to be seen at this magnification. Therefore, we didn’t
indicate any bubbles individually in Figure 2b as typical examples. Alternatively, we have indicated the
region where bubbles mainly exist in Figure 2b, and called it the “Bubble region”. The morphologies
of both Cu/V and Cu/Nb interfaces in Cu-Nb-Cu-V 48 nm NMMCs remain immiscible after irradiation.
The SAED images suggest that the K-S orientation relationships still exits after He ion irradiation, but it
is slightly weaker than that of the as-deposited material.

Figure 3 shows the typical microstructures of Cu/V and Cu/Nb interfaces adjoining the 9th Cu
layer in Cu-Nb-Cu-V 48 nm which was irradiated at room temperature with a dose of 6 × 1016 ions/cm2.
The existence of the bubbles is confirmed and indicated by arrows. As we can see, bubbles are observed
in Layer 9-Cu, but not in the 8-V and 9-Nb layers. Meanwhile, two zones free of bubbles in Layer 9-Cu
close to the Cu/Nb and Cu/V interfaces exist. These zones, depleted of defect clusters near the interfaces,
are referred to as ”bubble denuded zones” (BDZs) [20,21]. The BDZ boundaries were checked based on
their definition and followed by the reported study [21]. By undertaking five measurements at different
positions, the average width of the BDZ in the Layer 9-Cu close to Cu/Nb interface was determined to
be 3.5 ± 0.3 nm, and 2.5 ± 0.2 nm for Cu/V interface.

 

Figure 3. The typical HRTEM images of (a) the Cu/V interface sandwiched by the 8th V layer and
the 9th Cu layer and (b) the Cu/Nb interface sandwiched by the 9th Cu layer and the 10th Nb layer
in irradiated Cu-Nb-Cu-V 48 nm NMMC at room temperature with a dose of 6 × 1016 ions/cm2. The
average width of the bubble denuded zone near the Cu/V interface in the 9th Cu layer is 2.5 ± 0.2 nm,
while 3.5 ± 0.3 nm near the Cu/Nb interface in the 9th Cu layer. Bubbles are indicated by arrows.

4. Discussion

In order to compare the sink efficiencies of Cu/V and Cu/Nb interfaces in the same sample for
the first time, Cu-Nb-Cu-V NMMCs containing Cu/V and Cu/Nb interfaces are composed in a single
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sample for this paper. Previous studies have stated that the interfaces play a big role in the distribution
of defect clusters in their vicinity zones [20,21]. Therefore, the Cu layer sandwiched by the V and Nb
layers in Cu-Nb-Cu-V NMMC can be treated as an indication layer. The distribution of defect clusters
in this Cu indication layer indicates the difference, and its extent difference, between the Cu/V and
Cu/Nb interfaces.

The most primary form of atomic damage sustained by an irradiated material is point defects,
including vacancies and interstitials. These interstitials within the intermediate Cu layer after irradiation
include helium atoms and disordered Cu atoms. As helium ion irradiation occurs over time, point
defects in NMMCs gradually evolve into defect clusters. For Cu-Nb-Cu-V 48 nm NMMCs, bubbles are
observed at room temperature, as Figure 2b shows. As a result of the constantly distributed helium
concentration shown in Figure 1, the shared 9th Cu layer can behave as a stage by which display the
strength of neighboring two Cu/V and Cu/Nb interfaces in eliminating point defects. Following the idea
mentioned earlier, we focus on the bubbles in the 9th Cu layer. As Figure 3 shows, the bubbles are small
and crowded at room temperature. The BDZ in the 9th Cu layer can be noticed and the average width
of BDZ in the 9th Cu layer close to Cu/V interface is λCu/V = 2.5± 0.2 nm, while λCu/Nb = 3.5± 0.3 nm
for Cu/Nb interface. The difference in BDZ width between these two interfaces may originate from the
different interaction degrees of these two interfaces with radiation defects produced during helium
bombardment; a detailed discussion is provided in the following paragraphs.

In the formation stage of helium bubbles, vacancies are firstly formed and then combined with
helium atoms into a stable cluster. These clusters may build up by capturing vacancies and helium
atoms, and gradually become detectable large bubbles. Hence, the difference in width of these two
BDZs originates from different vacancy sink efficiencies of interfaces. Following a previous study [16],
the vacancy concentration in the vicinity of an interface with arbitrary vacancy sink efficiency ηmay
be written as:

c(x) = ceq +
K0

Ks

(
1− ηe−x

√
Ks
D

)
(1)

where x is the position along the direction normal to the interface plane, c is the vacancy concentration,
ceq is the vacancy concentration under thermal equilibrium conditions and D is the vacancy
diffusivity. K0 is the rate of vacancy generation under radiation, which can be obtained using
the Norgett-Ronbinson-Torrens model [25] with the help of SRIM. Ks is the vacancy reduction rate in
some kind of medium. In Figure 3a, the interface at x = 0 is exactly referred to the Cu/V interface.
Similarly, in Figure 3b, the interface at x = 0 is exactly referred to the Cu/Nb interface. As is well known,
a critical vacancy concentration is necessary when supersaturated vacancies in matrix precipitate
into bubbles. Thus, the vacancy concentration in the BDZ/Cu interface near Cu/V is the critical
vacancy concentration to form bubbles; we denote its value as cb. From Equation (1), we can see
that the distance corresponding to the critical vacancy concentration is exactly the width of the BDZ,
i.e., c(x = λCu/V) = cb. Substituting cb and λCu/V into Equation (1), and rewriting the equation, we get
the vacancy sink efficiency for the Cu/V interface:

ηCu/V =
1−
(
cb − ceq

)
Ks/K0

e−λCu/V

√
Ks
D

(2)

Because the BDZ close to Cu/Nb interface and the BDZ close to Cu/V interface exist in the same
Cu layer, the vacancy concentration in the BDZ/Cu interface near Cu/Nb interface takes the same value
of cb. So, for Cu/Nb interface, the sink efficiency is:

ηCu/Nb =
1−
(
cb − ceq

)
Ks/K0

e−λCu/Nb

√
Ks
D

(3)
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Note that the numerators of these two sink efficiencies are exactly same. So, the ratio of sink
efficiencies of these two interfaces is:

α =
ηCu/V

ηCu/Nb
= e

√
Ks
D (λCu/V−λCu/Nb) (4)

The rate of recombination Ks takes the value of 5 × 106 s−1 [26]. The vacancy diffusivity Dv is
computed as D = 1.938 × 10−9 m2 s−1 [14]. Taking all the values of these listed parameters in the
equation above, we get α = 0.95, i.e., the vacancy sink efficiency of Cu/V interface is only 95% of Cu/Nb.

Conclusively, the Cu/Nb interface had a higher sink efficiency than that of the Cu/V interface.
The difference in vacancy sink efficiency for Cu/V and Cu/Nb interfaces may be attributed to defect
trapping sites in them. Misfit dislocation interactions (MDIs) have been shown to serve as preferential
vacancy trapping sites at some hetero-interfaces in previous studies. And the Cu/Nb interface contains
a 5 times greater density of MDIs than Cu/V [16]. Therefore, The Cu/Nb interface prevails over the
Cu/V interface in eliminating vacancies, suppressing the formation of helium-vacancy clusters and
making bubble-denuded zones slightly wider in their vicinities.

5. Conclusions

In this paper, a new method to quantitively compare the vacancy sink efficiencies between
different interfaces is proposed. This method is the first to integrate the comparison in the same sample,
in contrast to the previous studies which have compared two interfaces existing in two individual
samples. The average width of bubble-denuded zones was measured to be 2.5 ± 0.2 nm for the Cu/V
interface and 3.5 ± 0.3 nm for the Cu/Nb in our designed experiment. Based on one-dimensional
diffusion theory, the ratio of vacancy sink efficiencies of Cu/V and Cu/Nb interfaces was shown to be
approximately 95% of Cu/Nb, indicating that Cu/Nb interfaces are slightly more efficient than Cu/V
interfaces in eliminating point defects and associated He bubbles induced by radiation.
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Abstract: The management of radiation defects and insoluble He atoms represent key challenges
for structural materials in existing fission reactors and advanced reactor systems. To examine how
crystalline/amorphous interface, together with the amorphous constituents affects radiation tolerance
and He management, we studied helium bubble formation in helium ion implanted amorphous
silicon oxycarbide (SiOC) and crystalline Fe composites by transmission electron microscopy (TEM).
The SiOC/Fe composites were grown via magnetron sputtering with controlled length scale on a
surface oxidized Si (100) substrate. These composites were subjected to 50 keV He+ implantation
with ion doses chosen to produce a 5 at% peak He concentration. TEM characterization shows
no sign of helium bubbles in SiOC layers nor an indication of secondary phase formation after
irradiation. Compared to pure Fe films, helium bubble density in Fe layers of SiOC/Fe composite is
less and it decreases as the amorphous/crystalline SiOC/Fe interface density increases. Our findings
suggest that the crystalline/amorphous interface can help to mitigate helium defect generated during
implantation, and therefore enhance the resistance to helium bubble formation.

Keywords: radiation tolerant materials; amorphous silicon oxycarbide; nanocrystalline Fe;
composite; interface

1. Introduction

The combination of irradiation defects and helium (He) lead to a microstructural evolution of
bubbles, cavities and voids, which ultimately lead to the degradation of mechanical properties in
first-wall materials as well as fuel cladding in fission nuclear reactors [1,2]. For example, formation of
He bubbles at grain boundaries of austenitic stainless steel has been found to occur even at very low
overall He concentrations, causing deleterious effects such as swelling and embrittlement [3,4].

Over past decades, extensive researches have been conducted to understand the behavior of inert
gases such as helium in pure elemental metals [5,6]. The development of radiation tolerant composite
materials via the introduction of interfaces, phase boundaries, and grain boundaries has also been
discussed in a number of investigations [7–10]. For instance, oxide dispersion strengthened (ODS)
steels, which contain a high volume fraction of metal/nanoscale oxides interfaces, has shown that
nanoscale precipitates can promote the recombination of radiation-induced point defects, and therefore
mitigate He bubbles formation [1,11,12]. Similar to the interface effect due to precipitates in ODS steels,
the introduction of well-controlled nanoscale metallic interfaces (e.g., interfaces between face-centered
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cubic and body-centered cubic materials) have also been shown to be efficient for trapping He and
mitigating the onset of He bubble formation [9,13,14].

While the above discussion on interface design strategies have shown that it is possible to delay
the deleterious effects of He, recent studies have shown that in some materials it is possible to avert
helium bubble formation entirely by continually removing it as it is implanted [15]. Amorphous SiOC,
a new class of superior radiation tolerant materials, has shown very good steady-state irradiation
properties [16]. Previous studies have demonstrated that amorphous SiOC alloys are stable under
irradiation, sustaining their glassy states over a wide range of irradiation conditions [17–19].
More interestingly, implanted He atoms were found to diffuse out of the SiOC matrix as fast as
it was implanted, even at liquid nitrogen temperatures, resulting in time-invariant structure and
properties. In addition, amorphous SiOC can be paired with a crystalline metal component such
as Fe to form a composite with enhanced thermal, mechanical and irradiation properties [20,21].
However, at present the properties of SiOC/Fe composites under helium implantation, remain virtually
uncharted. Similar to what has been observed in metal/metal nano-composites and ODS steels,
we hypothesize that the crystalline/amorphous interfaces in the SiOC/Fe composite films are able
to facilitate vacancy and interstitial recombination, therefore, resulting in enhanced helium bubble
formation resistance [10,22,23]. In this work, we investigated and compared the He implantation
responses of pure Fe films and SiOC/Fe composites with controlled length scale for the first time.
The results serve to better understand the role of SiOC/Fe amorphous/crystalline interfaces on helium
management and defect mitigation in harsh environments.

2. Materials and Methods

Magnetron sputtering was used to synthesize SiOC/Fe multilayer films with controlled individual
layer thicknesses. Direct current (DC) magnetron sputtering was used to deposit α-Fe layers, while
radio frequency (RF) sputtering was used to synthesize amorphous SiOC layers from co-sputtering
SiO2 and SiC targets. Prior to depositions, a base pressure of 9.2 × 10−6 Pa or lower was obtained
and the typical argon partial pressure during sputtering was ~0.65 Pa. The thickness of the pure α-Fe
film and two kinds of SiOC/Fe multilayered films was ~1 μm. In thick SiOC/Fe multilayer films,
the thickness of Fe and SiOC layers were 80 and 60 nm, respectively, while the thickness of Fe and
SiOC layers for thin SiOC/Fe multilayer films were 16 and 12 nm. The roughness of typical SiOC and
Fe layer ranges from 3 to 5 nm, as suggested by previous X-ray reflectivity experiment [24]. All targets
including SiO2 (purity 99.995%), SiC (purity 99.5%) and Fe (purity 99.95%), were obtained from AJA
International, Inc. (North Scituate, MA, USA)

The pure SiOC film, pure Fe film and SiOC/Fe multilayers were subject to 50 keV He ions
implantation at room temperature. Stopping and Range of Ions in Matter (SRIM)-2008 software was
used to simulate depth profiles of implanted ion concentration and irradiation damage using the ion
distribution and quick calculation of damage option [25]. The SiOC/Fe nanolaminate was treated as
a uniformly distributed amorphous target material for the purpose of the simulations. The nominal
composition for thick and thin SiOC/Fe nanolaminates are Fe13.3Si3O4C3. The assumed displacement
energies for Si, O, C and Fe are 15, 28, 28 and 40 eV, respectively. Rutherford backscattering spectrometry
and X-ray reflectivity results suggest the SiOC films possess chemical composition of Si-30%, O-40%,
C-30% and density of 2.2 g/cm3 [24]. The density of Fe layers is 6.92 g/cm3, approximately 14% lower
than that of pure Fe target due to shadowing effects during sputtering process [26]. The base pressure
during He implantation was better than 5 × 10−4 Pa. To obtain a 5 at% He peak concentration, fluences
of 6.8 × 1016, 6.5 × 1016 and 7.0 × 1016 ion/cm2 was implanted into pure SiOC film, pure Fe film
and SiOC/Fe multilayers, respectively. The 5 at% He peak was chosen in order to visualize the He
bubbles in Fe layers. Because the He concentration profile is near-Gaussian and therefore, the implant
concentration varied between 0 and 5 at% as a function of depth. It allowed to investigate He bubble
formation in this range of implant concentration. The beam spot size was 8 mm × 10 mm. The fluence
variation within the beam spot was typically within ±10%. The fluence was measured by monitoring
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the charge collection on the target. The target was biased during the irradiation to suppress the error
caused by secondary electrons. Such a setup has shown good accuracy in fluence determination,
of uncertainty of <15%, based on previous testing from secondary ion mass spectrometry analysis of
various implants in Si and Fe substrates. The cross-sectional microstructure of SiOC/Fe multilayers
and pure Fe films before and after implantation was characterized by TEM. The cross-sectional TEM
specimen was prepared by conventional dimple and grinding followed by ion-milling. Low energy
(3.5 keV) and low angle (5◦) were selected to reduce the ion milling damage. A FEI Tecnai G2 F20 TEM
(FEI, Hillsboro, OR, USA) was used to investigate the microstructure of these films before and after He
implantation. The typical TEM operation voltage was 200 kV. The thickness of TEM foils of all specimens
were determined by Electron energy loss spectroscopy (EELS) log-ratio technique, as described in the
literature [27]. The thicknesses of analyzed pure Fe film, thin and thick SiOC/Fe multilayers were
68.2 ± 6.1, 74.1 ± 8.5 and 52.8 ± 4.2 nm. The detailed microstructure analysis of as-deposited SiOC
film, Fe film and SiOC/Fe multilayers films can be found in previous references [28,29].

3. Results

3.1. SRIM Simulation

To obtain He doping within these films, 50 keV He ions were selected for ion implantation.
The depth profiles of radiation damage in units of displacement per atom (dpa) and helium
concentration in the SiOC, Fe and Fe/SiOC films are shown in Figure 1a–c, respectively.
The simulations, as shown in Figure 1, implies that all films were subjected an implantation that
would result in a 5 at% peak helium concentration, assuming all the implanted He was retained.
In addition to helium implantation, the He+ irradiation results in maximum 2.6 dpa in the pure SiOC
films and ~3 dpa in both the Fe and the SiOC/Fe composite films.

Figure 1. The simulated depth profile of radiation damage and helium concentration in (a) pure
SiOC film, (b) pure Fe film and (c) Fe/SiOC multilayers. The peak concentration for all films are 5 at%.

3.2. He Implantation in Fe and SiOC Films

The cross-sectional TEM images of the pure Fe film after 5 at% He implantation are shown in
Figure 2a,b. Similar to the as-deposited film, the implanted Fe film exhibits a columnar structure.
The corresponding selective area diffraction (SAD) pattern shown in the inset of Figure 2a suggests
the implanted Fe film still retained a bcc structure. An under-focused cross-sectional TEM micrograph
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of the implanted Fe film is shown in Figure 2b. The micrograph was collected in the He peak region,
which is 233 nm underneath the surface. A high density of He bubbles is observed within the columnar
grains as well as along grain boundaries. To estimate the average He bubble size, cross-sectional TEM
micrographs were taken at an under-focus distance of 400 nm. The average bubble diameter for the
Fe film is 1.2 ± 0.1 nm, in comparison to a 1.1 ± 0.1 nm bubble size in bulk Fe [8]. In contrast to the
high density of He bubbles in implanted Fe films, no helium bubbles (>1 nm) were observed in pure
SiOC film after 5 at% He implantation, Figure 2c,d. This result was consistent with previous finding
that He atoms in SiOC remain in solution and are able to outgas from the material via atomic-scale
diffusion [15,28]. In addition, the irradiation does not lead to any void formation, element segregation
or crystallization throughout the SiOC film.

Figure 2. The typical cross-sectional TEM images of (a) pure Fe film and (c) pure SiOC film after 5 at%
He implantation. The high-resolution TEM images of He peak regions are shown as (b,d), respectively.

3.3. He Implantation in SiOC/Fe Multilayers

To investigate the amorphous/crystalline SiOC/Fe interface effect on helium bubble formation in
SiOC/Fe composite films, He+ implantations were also conducted for these composite films at room
temperature. Figure 3a,b shows low magnification TEM micrographs from thick and thin Fe/SiOC
films after 5 at% peak He implantation. Fresnel contrast is used to examine the helium formation
which are presented as dark dots surrounded by a bright fringe for the over-focus condition and
bright dots surrounded by a dark fringe in the under-focus condition. The cross-sectional micrographs
of under-focused and over-focused thin Fe/SiOC films at the He peak concentration regions are
shown at Figure 3c,d, respectively. In order to compare the helium behavior between thin and thick
Fe/SiOC films, Figure 3e,f presents typical under-focus and over-focus images for thick multilayer
specimen. One of most important observations is the presence of helium bubbles in Fe layers but
not in SiOC layers. For example, these helium bubbles are revealed via Fresnel contrast in both
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the under-focus condition (Figure 3c,e) and the over-focus condition (Figure 3d,f) in Fe layers. It is
also interesting to note no helium bubbles were observed along the SiOC/Fe interface. Scanning
transmission electron microscopy (STEM) was utilized under a high-angle annular dark field (HAADF)
condition to further examine the composition profile of thin and thick SiOC/Fe multilayers after
5 at% He implantation. The corresponding STEM images of Figure 3a,b are shown as Figure 3g,h,
respectively. These data indicate that the layer structure is maintained and SiOC/Fe interface remain
quite sharp after He implantation.

 

Figure 3. The typical cross-sectional TEM images of (a) thin, (b) thick Fe/SiOC multilayers after
5 at% He implantation. The He peak damage regions of thin and thick Fe/SiOC multilayers
are taken at under-focus (−400 nm) and over-focus (+400 nm) condition, respectively, shown as
(c–f). The corresponding scanning transmission electron microscopy (STEM) images are present as
(g,h), respectively.
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3.4. Depth Profile of He Bubble Density

The density of He bubbles at different depths in SiOC/Fe multilayers and Fe films was measured
via extensive cross-sectional TEM analysis. Figure 4a,b summarizes that the bubble density profile
in SiOC/Fe multilayers and in pure Fe film, respectively. It is interesting to note that the bubble
density depth profiles in all films coincided with simulated He concentration profiles (solid line)
superimposed in the same figure. In SiOC/Fe multilayers, the helium bubble density in Fe layers
increases continuously and approaches a maximum at an implantation depth of ~310 nm, while
the helium bubble density in pure Fe film reaches maximum at a depth of ~240 nm. The average
bubble diameters for the Fe layers in thick and thin composite were 1.2 ± 0.1 and 1.2 ± 0.2 nm,
respectively. No or very few change in bubble diameters was observed with depth. It can be seen that,
under the same effective He implanted concentration, the helium bubble density in pure Fe films
is approximately twice as that in thick SiOC/Fe multilayer sample. In addition, a lower helium
bubble density profile is observed in thin SiOC/Fe multilayer sample. We also attempted to estimate
the threshold concentration needed for the formation of detectable He bubbles in pure Fe films and
SiOC/Fe multilayers. As shown in Figure 4a, a minimum He concentration to visualize bubbles
is obtained from the intersections of the vertical lines with the SRIM simulation. Compared to the
low threshold concentration in pure Fe film (<0.1 at%), the threshold concentration is approximately
0.82 at% and 1.95 at% in thick and thin SiOC/Fe multilayer sample, respectively, which represents an
order of magnitude improvement for the composites.

Figure 4. He bubble density (scattered points) as a function radiation depth in (a) Fe/SiOC multilayer
and (b) pure Fe films. Solid line in each figure is simulated helium depth profile. The dashed line was
drawn to help estimate the threshold concentration for the formation of detectable He bubbles. Bubble
density in Fe layers of Fe/SiOC multilayers is significant lower than that in pure Fe film.
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4. Discussion

Previous work has shown that radiation induced defects prefer to migrate to the interfacial
regions that act as effective defect sinks [30,31]. The SiOC/Fe amorphous/crystalline interface density
in SiOC/Fe 12/16 nm nanolayers is 10 times higher than that in SiOC/Fe 60/80 nm nanolayers.
Therefore, it appears that a high density of amorphous/crystalline interfaces also facilitate defect
removal. Recent molecular dynamic (MD) simulation studies of helium defect properties in bcc iron
showed that helium interstitials as well as He interstitial clusters are quite mobile [32,33]. The mobility
of helium interstitials or He interstitial clusters will decrease if they are trapped by vacancies. These
vacancies could be intrinsic vacancies, irradiation induced vacancies, or vacancies created via kick-out
of a self-interstitial atom by He clusters. The smaller helium bubble density observed in the SiOC/Fe
multilayer system suggests that there is a lower concentration of vacancies in the Fe layers of
SiOC/Fe composite specimen compared to that in the pure Fe layer during implantation. In both
implanted Fe films and SiOC/Fe multilayers, He bubbles have an average diameter of ~1 nm and
the bubble size distributions is quite narrow. As suggested by cross-section TEM images, the average
bubble size depends very little on Fe layer thickness. The reduction in He bubble density in thin
SiOC/Fe multilayers compared to that in thick SiOC/Fe multilayers and Fe films indicates that
the vacancy concentration must have been dramatically reduced. All these results imply that the
amorphous/crystalline interfaces act as efficient defect sinks to promote interstitials and vacancies
recombination and to lessen helium bubble formation in the Fe layers.

Another interesting observation is that no helium bubbles were observed at the SiOC/Fe interfaces.
Considering the fast helium diffusivity in SiOC, the helium atoms most likely eventually diffuse out of
the system once they reach the SiOC/Fe interfaces. Therefore, the amount of helium that could diffuse
out the Fe layers depends on whether helium atoms or helium clusters are able to reach the interface
region. This suggests that by refining the layer thickness, it may be possible to obtain a composite free
of helium bubbles.

5. Conclusions

In conclusion, we examined the effect of helium implantation on the Fe/SiOC composite system
after 5 at% implantation at room temperature. By introducing amorphous/crystalline SiOC/Fe
interfaces, the onset concentration needed to visualize helium bubbles in the Fe layers of SiOC/Fe
composites is ten times lower than needed in pure Fe films. In addition, the helium bubble
density decreases as interface density increases. All these observations suggest that the Fe/SiOC
crystalline/amorphous interfaces act as efficient defects sinks, promoting interstitials and vacancies
recombination and mitigating helium bubble accumulation.
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Abstract: The effect of helium (He) concentration on ejecta production in OFHC-Copper was
investigated using Richtmyer–Meshkov Instability (RMI) experiments. The experiments involved
complex samples with periodic surface perturbations machined onto the surface. Each of the four
target was implanted with a unique helium concentration that varied from 0 to 4000 appm. The
perturbation’s wavelengths were λ ≈ 65 μm, and their amplitudes h0 were varied to determine
the wavenumber (2π/λ) amplitude product kh0 at which ejecta production beganfor Cu with and
without He. The velocity and mass of the ejecta produced was quantified using Photon Doppler
Velocimetry (PDV) and Lithium-Niobate (LN) pins, respectively. Our results show that there was an
increase of 30% in the velocity at which the ejecta cloud was traveling in Copper with 4000 appm as
compared to its unimplanted counterpart. Our work also shows that there was a finer cloud of ejecta
particles that was not detected by the PDV probes but was detected by the early arrival of a “signal”
at the LN pins. While the LN pins were not able to successfully quantify the mass produced due to it
being in the solid state, they did provide information on timing. Our results show that ejecta was
produced for a longer time in the 4000 appm copper.

Keywords: high strain rate strength; metals; radiation damage

1. Introduction

It is well known that when a shock wave in a material reaches a free surface, it can lead to ejection
of particles from the surface [1–3]; this process and the launched material is referred to as ejecta.
Over the last few decades there has been a body of research to understand the relationship between
the total ejected mass and parameters associated with the free surface itself. Previous work has shown
that the roughness of the free surface is the single most important parameter that impacts ejection of
mass from surfaces [4]. Work by Asay et al. [2] also showed that defects on the surface in the form of
cavities and scratches can create a surface roughness which leads to ejecta formation. Other works
have also shown that impurities along with grain boundaries and slip bands can affect this process [5].
In addition, the total amount of ejected mass has been linked to the volume of surface defects, shape
of the shock wave, yield strength of the material, and the phase of the material on release (solid or
liquid). Specifically, Androit et al. [6] studied the effect of surface finish on tantalum (Ta) and Tin (Sn),
and showed that the presence of grooves on the surfaces leads to higher ejected mass in comparison to
polished surfaces. The specific roughness of the machined grooves had the most influence on total
ejected mass, even for materials like Sn that melt on release at low pressures. More recent work by
Zellner et al. [7] to study the role of surfaces prepared with different processes and final finishes on
ejecta production in aluminum 1100 and Sn also showed a similar sensitivity of total ejected mass
and the density distribution of ejected fragments to the final finish of the surface. This has also been
confirmed with numerous molecular dynamics simulations that suggest surface roughness to be the
determining factor in ejecta production [8]. Although, all the studies consistently agree that for a given
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surface finish, the maximum amount of ejecta is produced when the material is in liquid phase rather
than solid. An additional effect of shock-wave shape—square to Taylor—on ejecta production was also
documented, showing higher and constantly increasing ejecta production during unsupported shock
generated using Taylor waves in materials like Sn [9]. The authors refer readers to Reference [10] for
a thorough review of studies that investigate the role of all these factors on total ejecta production.
A common theme in all these studies is the focus of these works on single-phase materials.

Although, there do exist a handful of studies that have attempted to investigate ejecta production
in multicomponent materials. Androit et al. [6] investigated the effect of density inhomogeneities by
using SnPb with 14 wt % Pb and 38 wt% Pb and showed that under the same shock pressure, the amount
of ejected mass significantly increased with increasing density inhomogeneities with addition of Pb
even in comparison to Sn. This difference was attributed to the impedance mismatch between pure Sn
and SnPb eutectic especially because the microstructure of the SnPb alloy consisted of pure Sn grains
included in a eutectic SnPb matrix of higher density. This work was also extended to two CuPb alloys
with 15 wt% and 36 wt% Pb. Once again, an increase in ejected mass was observed in comparison to
pure copper but was attributed to melting of Pb on release. More recently, the authors also investigated
the affect of addition of 1–2 wt% lead to copper on both ejecta production [11]. Our results showed
that addition of small amounts of lead causes the formation of background ejected mass that is absent
in pure Copper. Our work agrees with the initial observations of Androit et al. [6]. However, studies
of this nature remain rare and there are still open questions regarding the importance of material
microstructure to ejecta production, especially as it pertains to the presence of inhomogeneities in the
material.

In this work, we investigate the effect of helium concentration on ejecta production through the
use of Richtmyer–Meshkov Instability experiments. The rest of the paper is organized as follows.
The next section discusses the experimental techniques employed in this study. Section 3 discusses the
results, followed by a brief conclusion.

2. Experimental Methodology

In this section, we outline the materials along with the experimental approach utilized in
this investigation.

2.1. Material and Sample Design

The experiments used a total of four targets; out of which targets 2, 3, and 4 were implanted with
1000, 2000, and 4000 appm of helium, respectively. One of the targets was not implanted with Helium
to serve as a reference. The RMI targets were machined as 2-mm thick by 35-mm diameter disks with
five different perturbation regions. The perturbations zones were machined to be 3-mm wide separated
by 2-mm flat regions, as shown in Figure 1. The perturbations were nominally sine-wave-like features
with a wavelength λ of 65 μm. The amplitudes h for the five regions were varied such that the final
finishes spanned the kh (where k = 2Π/λ products of 0.5, 0.6, 0.7, 0.8, and 0.9).

These samples were implanted with helium at the Michigan Ion Beam Laboratory (MIBL) at the
University of Michigan in a region that was 25 by 6 mm in size, as shown by the red rectangle in
Figure 1. Implantation of each sample was carried out using He+ or He++ ions at seven energies: 0.8,
1.4, 2.0, 2.6, 3.2, 3.8, and 4.4 MeV. These sequential, room-temperature implantations were designed
to produce partially overlapping peaks in helium distribution from the sample surface to a depth of
about 9 μm. Thermal imaging of the samples implanted at MIBL indicate that beam heating was less
than 10 ◦C, while beam current densities were consistently below 1 μA/cm2. All implantations were
performed at room temperature and the target chamber vacuum was maintained below 5 × 10−7 torr
during the implantation.

Since we were interested in studying the effect of He on ejecta production in copper, it was
essential to verify that the initial microstructure (grain size, texture) for copper was not altered during
the implantation process. This was essential to ensure quantitative comparison between data obtained
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from unimplanted and implanted copper. The change in the overall microstructure was quantified
before and after irradiation using electron back-scattered diffraction (EBSD) with a FEI Inspect. The
morphology of the implanted helium was investigated through the use of transmission electron
microscopy (TEM) with a FEI Tecnai F20 (Hillsboro, OR, USA).

Figure 1. Target geometry with multiple surface perturbations on the copper sample used for the
gun-drive experiments. The red region represents the area implanted with helium, whereas the green
area shows the region used to extract data corresponding to unimplanted copper. Please note that the
dimensions on the actual drawing are in inches with mm in square brackets.

To preserve the reflecting surfaces of the RMI targets, characterization specimens were collected
from surrogate copper samples prepared from the same plate and implanted under the same conditions
as the targets. Standard metallographic techniques were used to prepare samples for EBSD analysis in a
FEI Inspect scanning electron microscope (SEM) (Hillsboro, OR, USA). A final polish of μm Al2O3 was
followed by an electrochemical polish in a 2:1 solution of phosphoric acid and water at 1.9 V for 30–40 s.
The samples were then lightly etched using a solution of FeCl3 and HCl. Surface preparations were
completed prior to any implantations. Post-implantation grain sizes (60 μm) and textures (random)
were found to be similar to unimplanted copper [12], as shown in Figure 2.

TEM foils were then extracted from these same surrogates and thinned to electron transparency
according to conventional “lift-out” techniques in a FEI Helios 600 focused ion beam (FIB) system.
Final polishing was performed to minimize preparation-induced damage artifacts, using 2 kV Ga+
ions in the same FIB. Specimen microstructures were primarily examined using bright-field TEM
techniques in a 300 kV FEI Tecnai F20, as shown in Figure 3.

The formation of helium bubbles in these samples is to be expected, given the favorable trapping
of excess point defects at dissolved helium atoms and the suppressive effect of helium on the critical
radii for cavity growth [13]. The authors acknowledge, however, that helium was not introduced
homogeneously by the implantation method used here, instead concentrating in bands around the peak
ion ranges of each implantation energy. Implantation profiles for each ion energy were simulated using
Stopping and Range of Ions in Matter (SRIM) [14] and are shown in Figure 4. With the low diffusivity
of helium in copper near room temperature, this leads to a nonuniform distribution of helium bubbles
with depth. Future studies on the effects of helium distribution will incorporate ion-energy-degradation
techniques to allow for more uniform implantation of helium at elevated temperature.
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Figure 2. Microstructure of Cu after Helium implantation, characterized using Electron Back Scatter
Diffraction along with the texture plot. This shows that the grain size and texture of copper were not
altered due to the implantation process.

Figure 3. Small helium bubble (2-nm diameter) were observed in the implanted samples using
through-focus imaging (± 1 μm). Bubbles are nearly invisible in the (a) focused image, but appear dark
and light in the (b) overfocused and (c) underfocused conditions, respectively. Additional displacement
related defects (e.g., dislocation loops) were observed, as seen in the (d) 4000 appm implanted sample.
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Figure 4. Helium concentration with depth into a copper target, as simulated using SRIM for each
energy used here.

2.2. Impact Experiments

Plate impact experiments were performed on these targets using the 80-mm bore single-stage
light gas-gun in MST-8 at LANL. The copper targets were bonded into a lexan plate, 152.4-mm wide
by 127-mm high, and 12.7 mm thick, to allow for mounting and alignment in the gas-gun target tank
(Figure 5, left). The impact face of the samples, i.e., the side with no perturbations, was 0.4-mm proud
of the lexan plate. To ensure a planar impact between the projectile and the target, a mirror was affixed
to the front of the target, and a laser was used to align a spot down and back along the 9.2 m barrel.
With this method, the deviation from parallel at impact is typically sub-milli-radian. The flyer-plates
were tantalum, 50-mm diameter by 2-mm thick, affixed to the front of a lexan projectile. With a
projectile velocity of 1.1 km/s, this generated an approximately 1 μs duration square or flat-topped
shock in the sample with a peak stress of 30 GPa.

Figure 5. Left: Image showing the sample in the lexan plate that is used to mount the target in
the gun along and right along with full the diagnostic assembly. Right: the projectile with the
tantalum impactor.

The diagnostics package was mounted on the back of the lexan plate, such that it could cover the
rear of the sample where the perturbations were located. This consisted of a round disc with rows of
holes to mount either photon Doppler velocimetry (PDV) probes or lithium niobate (LN) pins. The
former are used to measure velocity through a noncontact-laser-based interferometric technique. A
narrow linewidth laser is used to illuminate the target, and the reflected light is collected by the probe.
If the target surface is moving, this reflected light is Doppler shifted. The collected light is mixed with
a reference source, producing a beat frequency that is proportional to the surface velocity. Fourier

179



Materials 2020, 13, 1270

transform techniques are used to extract the velocity-time history. With a sufficiently high-bandwidth
oscilloscope, PDV can resolve velocities from rest to 104 m/s with excellent dynamic range. PDV is
able to resolve multiple velocities in the field of view at once, hence it is ideally suited to RMI work,
where we want to measure the velocities of the ejecta, bubble, and bulk surface. The probes were
supplied by AC photonics, part number 1CL15P020LCD01. These are collimating probes with a spot
size of approximately 300 μm at a 20-mm distance, as such, each probe captures multiple wavelengths
of the perturbation region it is interrogating.

The LN pins were supplied by Dynasen, part number CA-1136-Li-1. They consisted of a 2.4-mm
diameter lithium niobate crystal at the end of a 25.4-mm-long brass tube. Lithium niobate is a
piezoelectric material, in that it will output a voltage when strained. This voltage can be used to infer
(through a series of assumptions such as conservation of momentum) the mass impinging on the LN
crystal, providing an estimate of the mass ejected from the perturbed regions of the sample.

A diagram of the diagnostics package is shown in Figure 6. For each perturbation, there was one
PDV probe and one LN pin in both the helium-implanted and -unimplanted regions. There were also
two PDV probes on the flat regions, one between kh values of 0.6 and 0.5 and the other between kh
values of 0.5 and 0.7, to provide a breakout time and the jump-off free surface velocity. A PDV probe
was placed looking through the entire target assembly (magenta circle in Figure 6) to measure the
projectile velocity. Similarly, another piezoelectric probe (orange circle, Figure 6) was glued onto the
lexan plate to provide a voltage spike at target impact to trigger all of the diagnostics. The alignment
of the PDV probes to the perturbations was checked with a red laser, to allow visible confirmation of
the spot on the desired region. The standoff height—the distance from the rear of the target to the front
face of the LN pins and PDV probes—was measured to be 22 mm for all targets. Images of the rear of
the mounted target, the diagnostics package, and the full target assembly mounted in the gas gun are
shown in Figure 7.

Figure 6. Schematic of the rear of the diagnostics package and target.

Figure 7. Images showing left—rear of the target mounted in the lexan plate, center—back of
the diagnostics package showing the LN pins (top two rows) and PDV probes (bottom two rows),
right—rear of the target and diagnostics assembly mounted in the gas gun.
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3. Results

The four experiments were performed; three at an impact velocity of 1.1 mm/μs (0, 1000, and
2000 appm) and one at 1.0 mm/μs (4000 appm). The velocity–time histories corresponding to these
experiments are shown in Figure 8. This data shows the breakout velocities to be ˜1.3 km/s for the
three samples (0, 1000, and 2000 appm) and 1.2 km/s for the 4000-appm copper.

Figure 8. Velocity–time history from one of the flat regions for each of the four experiments.

This difference in shock-breakout velocities is important to note when trying to compare the
four experiments to each other. Our results also show that perturbations with kh values of 0.8 and
0.9 went unstable and produced ejecta in all the samples, irrespective of helium concentration. This
is consistent with previous work performed by Buttler et al. [15]. Figure 9 shows the velocity–time
history corresponding to the perturbation with a kh of 0.9 on the four copper samples. We decided to
focus on discussing results from a kh of 0.9 in this paper, as the focus of this work is on the effect of
helium on ejecta production rather than the effect of kh on ejecta production.

This data shows the formation of a spike which is consistent with the perturbations inverting
and growing. There were only minor variations measured in the peak spike velocity as a function of
helium concentration. Specifically, the spike velocity was measured to be 2.48, 2.50, 2.48, 2.31 mm/μs
with the helium concentration increasing from 0 to 4000 appm. The fact that there is no change in
the velocity of the spike, which is related to the high strain rate strength, suggests that at these high
He/Dpa ratios, there is almost no change in the material strength. This is in contrast to observations
at low strain rate, where an increase in flow stress is observed with helium implantation, especially
due to the formation of a gas-bubble superlattice [16,17]. This contrast could be because, in general,
the strengthening in materials with helium is due to the helium acting as obstacles to dislocation
motion. However, at high strain rates (in this experiment, the strain rate is 107/s), dislocations do
not have time to actually move and interact with the bubbles. So, the instantaneous yield strength is
generally due to the shear modulus and the dislocation density of the material [18]. While altering the
helium concentration changes the dislocation density somewhat, we postulate that it is not enough to
cause a measurable difference in the strength of the material. It is important to note that the decrease
in the spike velocity for 4000 appm could be due to the lower shock-breakout velocity and not due to
the actual helium-concentration increase.
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Figure 9. Spectrograms corresponding to copper with (top-left) 0 appm, (top-right) 1000 appm,
(bottom-left) 2000 appm, and (bottom-right) 4000 appm helium.The spectrograms are colored by
intensity, which varies between experiments depending on the signal to noise ratio for that particular
experiment.

In addition to the spike velocity, data from Figure 9 can be integrated to extract position–time
history, which when coupled with the standoff distance of the LN probes, can be extrapolated to extract
an “expected” timing for the impact of ejecta cloud on the LN pins. The velocity-time data shows that
there is a slight change in the velocity at which these ejected particles were traveling as a function
of helium concentration. Specifically, the ejecta velocity was measured to be 1.72, 1.755, 1.715, and
1.460 mm/μs for the 0-, 1000-, 2000-, and 4000-appm copper, respectively. These velocities coupled
with the LN pin standoff distance of 21.8 mm are used to calculate the timing at which ejecta cloud
should arrive at the LN pins. This time was calculated to be 12.7, 12.4, 12.7, and 14.9 μs for the 0-, 1000-,
2000-, and 4000-appm copper, respectively. The increase in the timing for the 4000-appm copper is
attributed to the lower shock-breakout velocity.

This timing should be consistent with the timing when the LN pins are activated, unless there is
material present that is not measured by the PDV probes due to its extremely small size. Figure 10
shows the voltage–time history for the four shots obtained from the LN pins.

These plots show that the arrival time for ejecta on the pins was actually 10 μs for the 0 appm, 12.5
μs for 1000 appm, and 10.5 μs for 2000 appm copper instead of the times obtained from the PDV data.
This is an approximately 3 μs difference in the arrival time of ejecta at the LN pins. We hypothesize
that this suggests the presence of a fine, atomic-size ejecta cloud that is traveling at a much higher
velocity and is too small to reflect light and be captured by the PDV probes. The most curious result is
the arrival of ejecta at the LN pins at 7 μs instead of 14 μs for the 4000-appm copper. This is especially
interesting because the shock-breakout velocity was lower for the 4000-appm copper compared to
the others, which means the ejecta should have been traveling at a lower velocity. This could be due
to the presence of helium in the sample, which might be making the material brittle and leading to
the formation of finer ejecta that is then moving at a higher velocity. This is a question that is actively
being researched right now. It is important to note that ejecta in this work refers to copper atoms only.
The helium atoms are too light to be detected by the LN pins. In addition, with the discrepancy in
timing it is interesting to note the differences in the total time that signal is produced on the LN pins.
This difference in the total time, especially for the 4000-appm copper, suggests the presence of higher
amounts of ejecta in the form of copper atoms, leading to the conclusion that ejecta mass is increased as
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a function of helium concentration. This is somewhat consistent with our recent results from molecular
dynamics simulations that show a large difference in total ejected mass from copper with and without
helium [19]. Through our modeling work, we had hypothesized that the presence of helium bubbles
can lead to an increased ejected mass due to two reasons: (1) The bubbles alter the shock velocity in
their vicinity due to differences in their density as compared to copper. This leads to the formation
of a nonplanar shock front that can increase ejecta production. (2) The shock wave can compress the
bubble and lead to internal jetting, similar to shape-charge phenomenon. So scientifically, an increase
in ejecta mass is plausible and is supported by the increase in the time for which an increase in voltage
is observed with increasing Helium concentration.

Figure 10. Voltage–time history corresponding to (a) 0 ppm, (b) 1000 ppm, (c) 2000 ppm, and
(d) 4000 ppm for the four shots obtained from LN pins placed at a kh of 0.9. The dotted boxes outline
the beginning and start times associated with ejecta at the LN pins. The late time signal is attributed to
the free surface of the copper impacting the LN pins.

4. Conclusions

The goal of this work was to understand the effect of heterogeneities like helium on ejecta
production in metals. OFHC copper was used as a model material for this study. Gas-gun driven RMI
experiments, which required special perturbations be machined onto the copper targets, were used to
investigate the effect of helium concentration on ejecta production. Four different concentrations of
helium—0, 1000, 2000, and 4000 appm—were implanted into the copper sample at the Michigan Ion
Beam Laboratory. These samples were then subjected to shock loading using a gas-gun, and diagnostics
were used to measure the velocity–time history and mass–time history as the perturbations inverted,
grew, and eventually went unstable to produce ejecta. Our results show that kh values of 0.8 and 0.9
produced ejecta in all targets regardless of the presence of helium. Further analysis of the velocity and
mass data associated with kh of 0.9 showed (1) an increase in the production of finer ejecta traveling at
higher velocities as a function of helium concentration, and (2) longer times associated with a finite
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voltage, suggesting an increase in mass as a function of Helium concentration. These results are
significant and show that heterogeneities like Helium can actually alter important dynamic properties
like ejecta production from metals.
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