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Nanomaterials have contributed to the forefront of materials research in the past two decades,
and are used today in sensors, solar cells, light emitting diodes, electronics, and biomedical
devices. Solution synthesis and processing offer inexpensive, low-temperature, energy efficient,
and environmentally friendly approaches that are desired especially for mass production or
integration with plastic substrates. While metal nanoparticles, in particular gold, have been researched
widely, semiconducting nanomaterials offer much greater versatility, functionality, and applications.
The frontiers in synthesis include new compounds, reducing the size of nanomaterials, introducing new
morphologies from assembly or templating, alternative green synthesis methods to reduce waste and
energy, and surface functionalization. Furthermore, great challenges are encountered in processing
nanomaterials from suspensions to thin films on different substrates for device applications. While many
publications focus on synthesis and applications of solution-based nanomaterials, issues related
to processing, e.g., solvent choice, surface compositions and ligands, particle–particle interaction,
and deposition methods, are infrequently addressed. This Special Issue includes nine articles and one
review, covering synthesis [1], novel processing [2–5], and a wide range of applications, such as solar
cells [1,3,6], sensors [7], catalysis [8], and electronics [9,10].

Cu2ZnSnS4 (CZTS) is a kesterite material for solar cells based on earth abundant elements.
An ecofriendly method to fabricate CZTS films is much sought after. Zhang et al. [1] adopted a
wet ball milling method, which uses only nontoxic solvents. The films made from as-fabricated
CZTS nanocrystal inks were followed by a rapid high-pressure sulfur annealing step to promote
grain growth and crystallinity. They achieved solar cell efficiency of 6.2% (open circuit voltage:
Voc = 633.3 mV, short circuit current: Jsc = 17.6 mA/cm2, and fill factor: FF = 55.8%) with an area of
0.2 cm2. Replacing sulfur with selenium in a kesterite material lowers its bandgap to better match
the solar spectrum. Jiang et al. [3] investigated selenization treatment on Cu2Mg0.2Zn0.8Sn(S,Se)4

(CMZTSSe) films made by a sol–gel method. By controlling the selenization temperature and time,
the crystallinity, film morphology, band gap, and hole concentration can be tuned. An optimized
processing condition was reported.

Delafossite materials, with a chemical formula of AMO2 (A = Cu or Ag and M is a trivalent
ion), are rare p-type oxides. It was first reported in 1997 that CuAlO2 was a true p-type transparent
conducting oxide, which stimulated many activities in delafossite materials [11]. This Special Issue
includes two articles on CuCrO2 (CCO). Wu et al. [5] made novel Al2O3-CCO core-shell nanofibers and
CCO hollow nanotubes. The CCO was grown on the surface of electrospun Al2O3 fibers by a solution
method followed by annealing at 600 ◦C in a vacuum, resulting in Al2O3-CCO core-shell nanofibers.
By applying sulfuric acid to the core-shell nanofibers, the authors showed that the Al2O3 cores were
selectively removed while the rest of the original structures were preserved, hence producing CCO
hollow nanotubes with an inner diameter of 70 nm and a wall thickness of 30 nm. Zhang et al. [6]
introduced Mg as a dopant in CCO nanoparticles and examined the effects on the performance of solar
cells using these materials as the hole transport layer (HTL). CCO nanoparticles have been shown as an
efficient HTL in dye sensitized solar cells [12], organic solar cells [13], and, recently, halide perovskite
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solar cells [14–17]. This work was the first demonstration of how CCO and Mg-doped CCO perform as
efficient HTLs for a non-fullerene acceptor bulk heterojunction (BHJ) system. They also observed Mg
doping results in a small but definitive increase in the short circuit current density for all active layer
systems, including three different BHJs and halide perovskite.

In addition to CCO hollow nanotubes, complex nanostructures have many interesting properties
and applications. Bhalothia et al. [8] reported on the synthesis and oxygen reduction reaction activity
of Au-cluster-decorated NiOx@Pt nanostructures. They found an impressive performance of these
nanocatalysts compared to commercial benchmarks: A 17-times larger kinetic current and a 53-fold
increase in specific activity. Wu et al. [7] fabricated ammonia sensors based on self-assembly SnO
nanoshells via a solution method that can detect ammonia below 20 ppm with high selectivity. Last but
not least, Yun and Paik [4] contributed a review to the Special Issue on self-assembly of inorganic
nanocrystals into superlattice thin films and multiscale nanostructures. The paper includes diverse
examples of highly ordered superlattices.

Intense pulsed light (IPL) irradiation shows promise in rapid material processing that is compatible
with roll-to-roll manufacturing [18]. Nakamura et al. [2] synthesized Cu nitride nanoparticles as an ink
and converted them to Cu wires using IPL processing. This approach allows the production of large
quantities of printed circuit boards with less waste. IPL also has the potential for device fabrication
on low-temperature plastic substrates. Other electronic applications in this Special Issue includes
flexible HfO2 memory devices and indium-gallium-zinc oxide (IGZO) thin film transistors (TFTs).
Liu et al. [9] prepared a novel flexible Au/HfO2/Pt resistive random access memory devices on a mica
substrate using a sol–gel process. Moreira et al. [10] investigated solution processed IGZO films to
replace vacuum deposition to implement low-cost, high-performance electronic devices on flexible
transparent substrates. They evaluated the influence of composition, thickness, and aging on the
electrical properties of IGZO TFTs, using a solution combustion synthesis method with urea as fuel.
The optimized TFT built on a solution-processed AlOx dielectric showed a saturation mobility of
3.2 cm2 V−1 s−1, an on–off ratio of 106, a sub-threshold swing of 73 mV dec−1, and a threshold voltage
of 0.18 V, thus demonstrating promising features for low-cost circuit applications.

I hope Nanomaterials readers find these articles informative and interesting.
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Abstract: Cu2ZnSnS4 (CZTS) is a promising candidate material for photovoltaic applications; hence,
ecofriendly methods are required to fabricate CZTS films. In this work, we fabricated CZTS
nanocrystal inks by a wet ball milling method, with the use of only nontoxic solvents, followed by
filtration. We performed centrifugation to screen the as-milled CZTS and obtain nanocrystals. The
distribution of CZTS nanoparticles during centrifugation was examined and nanocrystal inks were
obtained after the final centrifugal treatment. The as-fabricated CZTS nanocrystal inks were used to
deposit CZTS precursors with precisely controlled CZTS films by a spin-coating method followed by
a rapid high pressure sulfur annealing method. Both the grain growth and crystallinity of the CZTS
films were promoted and the composition was adjusted from S poor to S-rich by the annealing. XRD
and Raman characterization showed no secondary phases in the annealed film, the absence of the
detrimental phases. A solar cell efficiency of 6.2% (open circuit voltage: Voc = 633.3 mV, short circuit
current: Jsc = 17.6 mA/cm2, and fill factor: FF = 55.8%) with an area of 0.2 cm2 was achieved based
on the annealed CZTS film as the absorber layer.

Keywords: Cu2ZnSnS4 solar cell; ball milling; nano-ink; annealing

1. Introduction

In recent years, kesterite Cu2ZnSnS4 (CZTS) and Cu2ZnSn(S, Se)4 (CZTSSe) solar cells have drawn
attention because of their promise as an absorbing layer for applications in thin-film photovoltaics
owing to its low cost, nontoxicity and earth abundance of its elemental components as well as an
adjustable bandgap [1–3]. One advantage of CZTS over other kinds of chalcopyrite-related solar cells
is its suitability for achieving high efficiency solar cells through nonvacuum fabrication methods.
Furthermore, the world record conversion efficiency of CZTSSe solar cells is currently 12.6% [4] based
on a hydrazine pure solution approach. There have been several reports on the fabrication of CZTS
or CZTSSe solar cells. Both vacuum methods, such as sputtering [5], coevaporation [6], epitaxial
methods [7], and nonvacuum methods [8–11], have been reported. Nonvacuum methods are lower in
cost and more suitable for mass production than are vacuum methods. Among nonvacuum methods,
the highest conversion efficiency CZTS solar cells are based on molecular precursor solutions or
nanoparticle dispersions [12,13]. Although these kinds of fabrication methods are appealing because
of their low complexity, low-cost, and scalability, such methods are complicated by the need for
toxic solvents or metal–organic solutions that contain large amounts of organic contaminants, which
induce cracking during the following annealing process [14,15]. The use of the toxic and unstable
solvent hydrazine requires all processes for ink and film preparation to be performed under an
inert atmosphere. As a result, it is difficult to adapt this approach to low-cost and large-scale solar
cell fabrication.

Nanomaterials 2019, 9, 336; doi:10.3390/nano9030336 www.mdpi.com/journal/nanomaterials5
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In this work, we report a simple technique for fabricating CZTS nanoparticles ink by a wet ball
milling method using nontoxic ethanol and 2-(2-ethoxyethoxy) ethanol as the solvents. A similar study
has been reported by Woo, et al.; an efficiency of 7% was achieved [16]. However, the use of CZTS
powder to fabricate CZTS film is expected to have the following benefits. (1) The fabrication process is
simpler. (2) The growth of grains will be promoted because the grain boundary meltdown temperature
is lowered. (3) Stoichiometric film compositions are easier to obtain because the chemical reactions are
less complicated. The use of nontoxic solvents is more cost-effective and environment friendly, which
is important for practical photovoltaic applications. The ink was used to fabricate CZTS thin films
(precursors) by a spin-coating method, followed by annealing the precursor in a sulfur-rich atmosphere.
The commercial CZTS powder was obtained from Mitsui Kinzoku, and detailed information of its
characteristics is currently unavailable. The sulfur vapor not only prevents the formation of volatile
Sn–S compounds but also supplies S atoms to make the CZTS films sulfur-rich, which is a requirement
for high performance solar cells. The procedure for fabricating CZTS films from CZTS powder is
reported in detail in this paper.

2. Experiment Details

2.1. Sample Preparation

Figure 1a–c illustrates the process for fabricating CZTS nanoparticle ink. In the ball milling
system, a 1-mm ball, 50-μm ceramic balls, and CZTS powder were mixed together in the mill pot. A
5-mL portion of ethanol was added to improve the wet milling effect. Figure 1a shows a schematic
diagram of the milling system. The milling pots were rotated along their own axis together with
the base plate. The milling process was performed for 40 h. After ball milling, the whole mixture
was strained through a filter screen to obtain particles smaller than 32 μm, and nontoxic ethanol and
2-(2-ethoxyethoxy) ethanol were used to wash the milling ball to increase nanoparticle recovery, as
shown in Figure 1b. Through this procedure, the milling balls and large particles of CZTS (>32 μm)
were removed whereas a mixture of relatively small CZTS particles (<32 μm) and the solvents were
retained. We used 2-(2-ethoxyethoxy) ethanol as a dispersion agent to prevent coagulation of the
nanoparticles, and ethanol was used to reduce the viscosity of the solvent and promote precipitation
of large particles during the following centrifugation. The resulting solution was then ultrasonically
processed to disperse the particles in the solvents for 1 h.

   

(a) (b) (c) 

Figure 1. Fabrication process of Cu2ZnSnS4 (CZTS) nanoparticle ink: (a) schematic of ball milling
machine, (b) filtration of CZTS particles smaller than 32 μm, (c) nanoparticle ink of CZTS.

The as-prepared mixture of CZTS and solvents was first centrifuged at a low speed 1500 rpm to
remove particles over several μm in size. The precipitate was disposed of and the upper layer of the
solution was decanted for further centrifugal treatment. The aforementioned processes were repeated
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three times at a higher speed of 6000 rpm and the nanoparticles were obtained. The nanoparticle
ink was obtained with a concentration of 200 mg/mL by adjusting the quantity of ethanol. The
nanoparticle ink was then used to fabricate CZTS precursors by spin-coating. Figure 2a shows a
schematic diagram of the spin-coating system. The substrate was rotated at a speed of 2000 rpm
and the CZTS ink was dripped on at a speed of 5 μL/min. The final CZTS precursor film showed a
thickness of 1–1.5 μm. Finally, the precursors were annealed in a sulfur-rich atmosphere to improve
the grain size and crystallinity. The sulfurization process was conducted by sealing the precursor and
powdered sulfur into a vacuum quartz tube with a length of 15 cm, which was placed in the annealing
furnace (FP410, Yamato Company, Tokyo, Japan), as shown in Figure 1b. The furnace was heated to
600 ◦C within 15 min and the vapor pressure of sulfur was approximately 0.1 atm. The annealing
process was performed for 20 min after the system achieved 600 ◦C. Then the sample was allowed to
cool to room temperature naturally.

(a) (b) 

Figure 2. Fabrication process of CZTS films: (a) fabrication of CZTS precursor by spin-coating and
(b) the sulfur vapor annealing process.

A typical structure of a CZTS solar cell is shown in Figure 3. The as-grown CZTS film was used
as the absorbing layer. A CdS layer with a thickness of 50 nm was fabricated by a chemical bath
deposition method as the buffer layer. Intrinsic ZnO with a thickness of 100 nm and B-doped ZnO
with a thickness of 400 nm were then sputtered as the window layer. To measure the performance of
the solar cell, an Al grid was evaporated as the front electrode.

Figure 3. Structure of CZTS solar cell.

2.2. Characterization

The morphology of the annealed CZTS films was characterized with a scanning electron
microscope (SEM, JSM-7001F, Tokyo, Japan) equipped with a JED-2300T energy dispersive spectroscopy
(EDS) system (Tokyo, Japan) operating at an acceleration voltage of 10 kV. EDS, for compositional
analysis, was measured at an acceleration voltage of 15 kV. The grain size distribution was measured
with a transmission electron microscope (TEM, JEOL JEM-2100F, Tokyo, Japan). X-ray diffraction
(XRD) analysis was performed with a Rigaku SmartLab2 with a Cu-K source and the generator was set
to 20 mA and 40 kV. Raman measurements were performed with a RENISHAW-produced inVia RefleX
type Raman spectrometer equipped with an Olympus microscope with a 1000 magnification lens at
room temperature. The excitation laser line was 532 nm. The solar cell performance was measured
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with a 913 CV type current–voltage (J–V) tester (AM1.5) provided by a EKO (LP-50B, Tokyo, Japan)
solar simulator. The simulator was calibrated with a standard GaAs solar cell to obtain the standard
illumination density (100 mW/cm2).

3. Results and Discussion

3.1. Centrifugation to Obtain CZTS Nanoparticle Ink

Figure 4a–e shows TEM images of the CZTS particle distribution of the dispersion subjected to
different centrifugation conditions. Figure 4a shows the distribution of CZTS particles for the CZTS
dispersion without a centrifugal treatment. The small particles and large particles agglomerated
together to form large clusters such that the boundaries between particles became unclear and it was
not possible to tell the size of the particles; hence, the larger and smaller particles and nanoparticles
were not separated. Figure 4b shows an TEM image of the CZTS ink centrifuged for 10 min at
1500 rpm. A portion of the large particles was removed, which reduced the agglomeration. The particle
boundaries were clear; however, particles larger than several hundred nm remained. To further reduce
the size of the particles, the dispersion was centrifuged at a high speed of 6000 rpm for 10, 20, and
30 min. The results are shown in Figure 4c–e, respectively. The sample shown in Figure 4c, had the
largest particles (in the range of 100 to 200 nm) and almost no agglomeration was observed. In sample
(d), particles remaining in the dispersion were smaller than 100 nm, indicating that nanoparticles
were obtained. The particle size of sample (e) was in the range of 50 to 100 nm, which indicated that
after the treatment to obtain sample (d), the particle size of the dispersion was no longer affected by
centrifugation because of the limitations of final particle sizes generated by ball milling processes.

Figure 4. TEM images of CZTS dispersions with different centrifugal conditions. Distribution of CZTS
particle size in inks with different centrifugal conditions (a) Without centrifugation; (b) 1500 rpm for
10 min; (c) 6000 rpm for 10 min; (d) 6000 rpm for 20 min; and (e) 6000 rpm for 30 min.

3.2. Deposition of CZTS Precursors

The CZTS nanoparticle inks were used to deposit the CZTS precursors on glass substrates by
a spin-coating method. The speed of the substrate was approximately 2000 rpm and 5 μL of CZTS
ink was dripped at the center of the substrate for each drop, which was repeated 10 times to obtain a
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film with a thickness of 1–1.5 μm. Figure 5a–c shows the surface morphology of the CZTS film with
different magnifications. The SEM image showed a compact morphology with grains smaller than
100 nm without cracks and no large particles were observed. The specific grain size could not be
measured because of the small boundaries between grains. Because the precursor was only grown at
room temperature, an additional high-temperature treatment was necessary to improve the grain size
and crystallinity of the film.

 
Figure 5. SEM images of a CZTS film deposited from the as-fabricated CZTS nanoparticle inks under
different magnifications: (a) 20000×; (b) 10000×; and (c) 5000×.

3.3. Annealing of the Precursor

To induce grain growth and reduce the residual organic impurities, the CZTS precursor was
annealed in an atmosphere with a high sulfur vapor pressure for 20 min at a temperature of 600 ◦C.
Figure 6a,b shows the surface and cross-sectional SEM images of the CZTS films after annealing,
respectively. Comparing the precursor morphology, as shown in Figure 5, the grain size increased
markedly. The final grain size ranged from several hundred nm to several μm and cracks begin to
appear between the grains, either because of grain growth or decomposition of the CZTS particles.
According to the cross-sectional image (Figure 6b), the grains extended throughout the film in the
thickness direction, which is expected for high-quality films. However, cracks stretching from the
surface to the bottom of the film were also observed (marked by the red arrow), indicating the
low density of the film. One explanation for this cracking was reported by Scragg, et al. owing to
decomposition of CZTS film, as shown in following reactions (1) and (2) [17].

Cu2ZnSnS4 � Cu2S(s) + ZnS(s) + SnS(s) + 1/2S2(g) (1)

SnS(s) � SnS(g) (2)

One solution to overcome this issue is to reduce the annealing temperature to prevent
equilibrium (1) from shifting to the right and extending the annealing time to ensure maintain
the crystallinity.
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Figure 6. (a) Surface and (b) cross-section of an annealed CZTS film annealed at 600 ◦C in a
S-rich atmosphere.

To make a comparison, CZTS film using centrifugation condition: 1500 rmp for 10 min was also
annealed with the same annealing condition and completed solar cell structure (Please refer to the
Supplementary Materials).

Table 1 shows the composition of the CZTS precursor and annealed film, as determined by
energy-dispersive X-ray spectroscopy (EDX). The precursor had a sulfur composition less than 50%
whereas the sulfur content increased to 50.5% after annealing, indicating that the film was converted
from sulfur poor to sulfur-rich, which produces p-type CZTS films. It has been widely reported that
Zn-rich (Zn/Sn > 1.0) films are required for fabricating high-performance CZTS solar cells [18,19],
meaning that the composition of our CZTS films needed to be adjusted. One possible way to adjust
the film to Zn-rich is to fabricate a thin layer of ZnS nanoparticles between the CZTS precursor and
Mo back-contact, such that in the following annealing step, both Zn and S will be supplemented.

Table 1. Composition of precursor and annealed film as measured by energy-dispersive X-ray
spectroscopy (EDX).

Cu (%) Zn (%) Sn (%) S (%) Zn/Sn Cu/(Zn + Sn)

Precursor 25.4 9.9 15.6 49.1 0.63 1.00
Annealed CZTS film 24.7 9.8 15.1 50.5 0.65 0.99

Figure 7 shows the XRD patterns of the precursor and annealed film of CZTS. The crystallinity
was also improved by high-temperature annealing. The sulfurization process induced sharpening
and strengthening of the peaks. All the peaks of the precursor and the annealed film were assigned
to kesterite CZTS. No peaks of secondary phases, such as ZnS and Cu2S, which easily form at high
temperatures [20], were detected by XRD. However, XRD alone is incapable of identifying small
amounts of secondary phases because of its detection limits. To complement this method, we also
performed Raman measurements to confirm the absence of secondary phases. Raman spectra of
the precursor and annealed CZTS thin films are shown in Figure 8. The lower spectrum shows
the annealed CZTS film with peak fitting by a Lorentzian curve. According to the figure, the
precursor showed one peak at 330 cm−1, corresponding to the A mode of kesterite CZTS. The annealed
film exhibited a typical Raman spectrum of kesterite CZTS films with three peaks at 285, 330, and
369 cm−1, corresponding to the two A symmetry modes and a B symmetry mode of the CZTS kesterite
structure, respectively [21,22]. This result also indicated that no secondary phases are observed after
the annealing process.

The annealed CZTS films were used to fabricate complete solar cell structures. Solar cell
performance was evaluated under standard conditions. The conversion efficiency of three cells
on the same sample was measured as shown in Table 2. The solar cell ranged from 2.5% to 6.2%,
indicating ununiform solar cell performance due to the poor film quality as shown in Figure 7.
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Table 2. Performance of CZTS solar cells.

Sample No. Eff Voc (mV) Jsc (mA/cm2) FF (%)

1 6.2 633.3 17.6 55.8
2 4.3 578.2 15.3 48.6
3 2.5 497.1 12.2 41.2

 
Figure 7. XRD of precursor and annealed CZTS film.

Figure 8. Raman spectrums of precursor and annealed CZTS film with fitting of the peaks using
Lorentzian curve.

Figure 9 shows dark and light I–V curves of solar cell using annealed CZTS film as the absorber
layer with best solar cell performance. The photovoltaic device exhibited an efficiency of 6.2%, with
Voc = 633.3 mV, Jsc = 17.6 mA/cm2, and FF = 55.8%, for an area of 0.20 cm2.

Figure 9. J–V curve of CZTS.

Figure 10 shows the external quantum efficiency (EQE) curve of the CZTS solar cell. Over
the visible range of the solar spectrum, the maximum QE was less than 60%, indicating strong
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recombination. The QE curve decreased sharply in the infrared region at 770 nm, which is the CZTS
absorption edge. Thus, the calculated bandgap of the CZTS films was approximately 1.61 eV. The
features near 510 nm and 380 nm correspond to the absorption edges of the CdS and ZnO layers [23,24],
which are commonly used CdS buffer and ZnO window layers.

Figure 10. External quantum efficiency (EQE) of CZTS solar cell.

On the basis of the EQE data of a solar cell, Jsc was calculated as [25]

Jsc = q
∫ ∞

0
QE(E)bs(E, Ts)dE (3)

where, q is the elementary charge, QE is the quantum efficiency, and bs is solar flux or irradiation. For
an air mass of 1.5, the data is available from Ref. [26]. On the basis of Equation (3), Figure 10, and
the solar irradiation spectrum, Jsc of the CZTS solar cells was calculated to be 14.2 mA/cm2, because
the J-V curve represents the real performance of a photovoltaic device. The slight deviation of Jsc

calculated from the QE curve can be explained by the fact that the QE measurement is performed at a
single wavelength with a much lower intensity than one-sun irradiation.

4. Conclusions

We synthesized a CZTS nanoparticle ink by a wet ball milling method together with centrifugation
treatments based on only nontoxic solvents. The ink was then used to deposit CZTS precursor films by
a spin-coating method, which led to extremely flat surfaces with high-uniformity. The precursor was
annealed at a high temperature of 600 ◦C under a sulfur atmosphere and the grain size increased to
approximately 1 μm from the original size of less than 100 nm. Both the composition and crystallinity
of the CZTS film were markedly improved by annealing. The absence of secondary phase formation
during the annealing process was confirmed by XRD and Raman analysis. A solar cell efficiency of
6.2% (Voc = 633.3 mV, Jsc = 17.6 mA/cm2, and FF = 55.8%) with an area of 0.2 cm2 was achieved using
annealed CZTS film as the light absorbing layer. To improve solar cell performance, it is necessary
to increase grain size, improve crystallinity, and reduce defects in the film. Because the fabrication
process of CZTS features a complex growth mechanism, the formation of secondary phases should be
checked to confirm film quality, which directly affects solar cell performance.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/3/336/s1,
Figure S1: (a) Surface and (b) cross-section of an annealed CZTS film using centrifugation condition: 6000 rpm
for 20 min. (c) Surface Morphology of an annealed CZTS film fabricated with CZTS ink using centrifugation
condition: 1500 rpm for 10 min. The annealing was conducted at a temperature of 600 ◦C in S rich atmosphere,
Figure S2: J-V curve of CZTS solar cells for (a) centrifugation 6000 rpm for 20 min; (b) 1500 rpm for 10 min,
Table S1: Solar cell performance of CZTS solar cells.
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Abstract: Copper nitride particles have a low decomposition temperature, they absorb light, and
are oxidation-resistant, making them potentially useful for the development of novel wiring inks
for printing circuit boards by means of intense pulsed light (IPL) sintering at low-energy. Here, we
compared the thermal decomposition and light absorption of copper materials, including copper
nitride (Cu3N), copper(I) oxide (Cu2O), or copper(II) oxide (CuO). Among the copper compounds
examined, copper nitride had the second highest light absorbency and lowest decomposition
temperature; therefore, we concluded that copper nitride was the most suitable material for producing
a wiring ink that is sintered by means of IPL irradiation. Wiring inks containing copper nitride were
compared with those of wiring inks containing copper nitride, copper(I) oxide, or copper(II) oxide,
and copper conversion rate and sheet resistance were also determined. Under low-energy irradiation
(8.3 J cm−2), copper nitride was converted to copper at the highest rate among the copper materials,
and provided a sheet resistance of 0.506 Ω sq−1, indicating that copper nitride is indeed a candidate
material for development as a wiring ink for low-energy intense pulsed light sintering-based printed
circuit board production processes.

Keywords: copper; copper nitride; photo sintering; ink; paste; printed electronics; post-processing

1. Introduction

Novel methods of printing circuit boards and sensing devices are currently being developed [1–4].
Compared with traditional lithographic approaches, printing circuit boards is cost-effective and allows
the production of large quantities of circuit boards with less waste. In the printing of electronic circuit
boards, a conductive or semiconductive wiring ink is printed onto an insulating substrate, and the ink
is then subjected to heat treatment for sintering. However, thermal treatment is problematic in that
it heats not only the ink but also the substrate, which can damage the final circuit board. Therefore,
alternative postprocessing methods are needed.

As alternatives to heat sintering, the application of microwaves [5], infrared light [6], and laser
light [7,8] have been examined. In particular, the use of intense pulsed light (IPL) irradiation has been
intensely researched [9–15]. In IPL sintering, a short pulse of light generated by a high-power xenon
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flash is applied to the ink and substrate; the light generated by the xenon lamp is absorbed by the
ink and converted to thermal energy, which spreads throughout the circuit by thermal diffusion and
causes the ink to undergo a chemical reaction. The total time required for IPL sintering is less than
1 min; therefore, IPL sintering allows printed circuit boards to be processed at high speed.

Kim’s group is actively researching the use of IPL irradiation for the sintering of copper
nanoparticles [9], silver nanoparticles [16], mixed silver and copper particles [17], and mixed copper
particles of different sizes [18]. In their work using silver nanoparticles, they examined the temperature
profile of a printed circuit pattern subjected to IPL irradiation and reported that the temperature of the
ink was briefly increased to over 120 ◦C (the temperature needed for sintering of silver nanoparticles)
without damaging the polyethylene terephthalate substrate (glass transition temperature = 62 ◦C).
One reason why the substrate was protected from thermal damage during IPL sintering was that the
ink was selectively heated because the ink and the substrate were colored and transparent, respectively.
The temperature of the ink only was selectively increased for only a short time. Thus, in this respect, a
suitable ink for IPL sintering is one that readily absorbs visible light.

Because of their cost-effectiveness and anti-ion-migration properties compared to silver, copper
and copper-containing compounds such as copper oxide, copper salts, and organic copper complexes
are useful materials for producing conductive patterns [19–22]. Although copper nanoparticles are
potentially useful, they easily oxidize, and harsh thermal or reduction treatments are needed to remove
the oxide layer because copper(II) oxide is chemically stable. As a novel material with which to
produce a wiring ink, copper nitride (Cu3N) may be useful because of its oxidation resistance [23] and
low decomposition temperature [24]. Copper nitride has an anti-rhenium oxide structure with lattice
parameters of a = b = c = 0.3807 nm and α = β = γ = 90◦ [25], and it decomposes to copper and nitrogen
at around 400 ◦C [26]. Importantly, copper nitride is red-purple, which means that it absorbs visible
light [27].

Here, we examined the suitability of using copper nitride for producing wiring inks sintered by
using IPL irradiation. Dispersions containing copper nitride were prepared, and their light absorption
and thermal decomposition properties were compared with those of inks containing copper nitride
(Cu3N), copper(I) oxide (Cu2O), copper(II) oxide (CuO), and copper (Cu). Furthermore, two types of
ink were examined: a low-viscosity liquid ink to examine the properties conferred to the ink by the
copper compound, and a high-viscosity paste ink to examine a more real-world application of our ink
formulations. The copper conversion ratio and sheet resistance of the inks were also determined.

2. Materials and Methods

2.1. Materials

2.1.1. Materials for Comparison with Copper Nitride

Copper(I) oxide (powder; particle size, ≤7 μm) and copper(II) oxide (nanopowder; particle size,
<50 nm, as assessed by transmission electron microscopy) were purchased from Sigma-Aldrich (Tokyo,
Japan). Copper nanoparticles (particle size, <100 nm) were obtained from a copper nanoparticle paste
(Daiken Chemical, Osaka, Japan) by washing with acetone and then centrifuging three times.

2.1.2. Materials for Preparation of Copper Nitride Nanoparticles

Copper acetate monohydrate (special grade) and 1-nonanol (special grade) were purchased from
Kanto Chemical (Tokyo, Japan). Urea (special grade) and hexane (special grade) were purchased from
Wako Pure Chemical Industries (Osaka, Japan). These reagents were used without further purification.

2.1.3. Materials for Preparation of Vehicles for Liquid Inks

Ethanol (special grade) and ethylene glycol (special grade) were purchase from Wako Pure
Chemical Industries (Osaka, Japan) and used without further purification.
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2.1.4. Materials for Preparation of Vehicles for Paste Inks

2-(2-Butoxyethoxy)ethyl acetate (special grade), tetraethyleneglycol monomethyl ether (95%),
ethyl cellulose 45 (approximately 49% ethoxy), tetrahydrofuran (special grade), hydrochloric acid
(special grade), ethyl acetate (special grade), and magnesium sulfate anhydrous (special grade) were
purchased from Wako Pure Chemical Industries (Osaka, Japan). (3-Glycidoxypropyl)trimethoxysilane
(GPTMS, 99.2%) was purchased from Shin-Etsu Chemical (Tokyo, Japan). Tetrahydrofuran was used
after distillation to remove the stabilizer that was present in the purchase solution; the other reagents
were used without further purification.

2.2. Preparation of Copper Nitride Nanoparticles

Copper nitride nanoparticles were prepared in accordance with previous methods [27]. Copper
acetate monohydrate (20 mmol) and urea (100 mmol) were mixed with 1-nonanol (400 mL) in a
three-neck flask. The atmosphere in the flask was replaced with nitrogen. The solution was heated by
microwave irradiation at 190 ◦C for 60 min (ramp, 30 min; hold, 30 min) by using a microwave oven
(μReactorEx, Shikoku Keisoku, Kagawa, Japan) equipped with a fiber optic thermometer (Anritsu
Keiki, Tokyo, Japan) to obtain a liquid suspension. After the suspension was centrifuged (30,000× g
for 60 min) and washed with hexane three times, a red-purple powder was obtained.

2.3. Preparation of Liquid Inks

A sample of one of the test compounds (0.15 mg) was mixed with ethanol (1 mL) in a
microcentrifuge tube, and the mixture was milled by using a homogenization pestle for 5 min. Inks
containing a reductant were prepared in the same way but with the addition of ethylene glycol (0.2 mL).
Aliquots (0.2 mL) of the liquid inks were dropped onto a cover glass by using a micropipette and then
dried in an oven at 60 ◦C for 2 h (Figure S1a).

2.4. Synthesis of Poly(3-glycidoxypropyl)trimethoxysilane as an Adhesion Compound

Poly(3-glycidoxypropyl)trimethoxysilane (PGPTMS) was synthesized in accordance with previous
methods. [28,29] Briefly, GPTMS (24.8 g), distilled water (5.4 g), and aqueous hydrochloric acid (0.1 N,
5 mL) were mixed with tetrahydrofuran (200 mL) in a flask attached to a condenser. The solution was
heated under reflux for 8 h, diluted with ethyl acetate (300 mL), and then washed with distilled water
three times. The organic phase was dried over anhydrous magnesium sulfate for 2 h and then filtered.
A yellow viscous liquid was obtained after evaporation of the organic solvent.

2.5. Preparation of Paste Inks

The vehicle for the paste inks was typically prepared as follows: In a disposable plastic cup,
2-(2-butoxyethoxy)ethyl acetate (41.85 g), diethylene glycol monobutyl ether (4.65 g), ethyl cellulose
(3.5 g), and PGPTMS (0.5 g) were combined and then transferred to a planetary centrifugal mixer
(ARE-310; THINKY, Tokyo, Japan) and mixed at 2000 rpm for 10 min. To prepare the paste inks, each
of the copper-containing materials was mixed with vehicle in a microcentrifuge tube at a weight ratio
of 1:1, and the mixture was then milled by using a homogenization pestle for 5 min.

To prepare films of the paste inks, two strips of adhesive tape (thickness, 0.058 mm) were placed
across a cover glass (18 × 18 mm) at an interval of 10 mm. An aliquot (approximately 0.1 mL) of
paste ink was dropped onto the cover glass in the space between the two strips of adhesive tape and
spread by using a glass rod (Figure S1b). The obtained ink film was dried in an oven at 60 ◦C for 2 h.
The thickness of the prepared ink film was the thickness of the tape.

2.6. Intense Pulsed Light Sintering

Induced pulsed light sintering was performed by using a high-power xenon flash lamp system
(SINTERON 2010-L; Xenon, MA, USA) equipped with a type B lamp. The wavelength range of the
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emitted light was 240–1000 nm. The experimental conditions used for the IPL sintering are indicated
where necessary in the text.

2.7. Characterization of Copper Compounds and Inks

Diffuse reflection spectra were obtained by using a UV-3150 spectrometer (Shimadzu, Kyoto, Japan)
attached to an integrating sphere (ISR-260; Shimadzu). The Kubelka–Munk equation was used to estimate
the absorption ratio of the samples from the obtained reflectance. Thermogravimetric-differential
thermal analysis was carried out by using a Thermo plus Evo2 instrument (Rigaku, Tokyo, Japan);
samples were heated from 25 to 500 ◦C at 10 ◦C/min under air or an inert atmosphere of nitrogen, and
alumina powder was used as the reference material. The crystal phase of samples was determined
by means of powder X-ray diffraction analysis by using a SmartLab instrument (Rigaku) with
experimental conditions of 40 kV and 30 mA from 2θ = 10◦ to 90◦. To measure the X-ray diffraction
of films prepared from the inks, the films attached with the substrate were directly placed on a
zero-background holder. The morphology of the films was examined by means of scanning electron
microscopy by using a TM-1000 (Hitachi, Tokyo, Japan) or S-4800 instrument (Hitachi, Tokyo, Japan)
at an electron acceleration voltage of 15 kV (TM-1000) or 3 kV (S-4800), respectively. Samples were
observed without a conductive coating. The sheet resistance of the films was measured by using a
Loresta-GP resistivity meter (MCP-T610; Mitsubishi Chemical Analytech, Kanagawa, Japan) equipped
with a four-point probe (PSP; Mitsubishi Chemical Analytech).

2.8. Calculation of Copper Conversion Ratio

Copper conversion ratios were estimated as follows: First, diffraction patterns obtained by means
of X-ray diffraction analysis for the sintered films were fitted by using a pseudo Voigt function for
peak separation. The peak separation data were then compared with reported patterns for Cu3N
(PDF2 no. 1-73-6209), Cu (PDF2 no. 3-65-9026), CuO (PDF2 no. 1-89-5896), and Cu2O (PDF2 no.
1-78-2076) contained in the International Centre for Diffraction database. Next, the integral strength
of the crystal planes for each crystal phase was estimated. The series of operations described above
was performed by using the PDXL integrated X-ray powder diffraction software (Rigaku). Finally, the
integral strengths and the following equation were used to calculate the copper conversion ratio:

RCu conver. =
ICu

ICu3N + ICu + ICuO + ICu2O

where ICu3N, ICu, ICuO, and ICu2O are the integral strengths for (111) of copper nitride (2θ = 40.9◦),
copper (2θ = 43.3◦), copper(II) oxide (2θ = 38.7◦), and copper(I) oxide (2θ = 36.4◦), respectively.

3. Results and Discussion

3.1. Comparison of the Light Absorption and Thermal Decomposition Properties of the Copper Compounds

We first obtained diffuse reflectance spectra of the copper compounds and found that diffuse
reflectance increased in the order CuO > Cu3N > Cu2O > Cu (Figure 1). We then examined the thermal
decomposition of Cu3N, CuO, and Cu2O under an air or N2 atmosphere (Figure 2). Under the N2

atmosphere, the weight of Cu3N was decreased at 100 ◦C, and at 250 and 500 ◦C the weight losses were
−5.4% and −5.1%, respectively. In contrast, the weights of CuO and Cu2O did not change until 500 ◦C,
at which point the weights had increased by 0.1 and 1.1%, respectively. Under the air atmosphere,
the weight of copper nitride decreased until 188 ◦C, after which, it increased via oxidation; at 500 ◦C,
the weight change of copper nitride was −0.7%. The weight of Cu2O remained constant until 333 ◦C
at which point it began to increase as a result of oxidation; the weight was 7.2% at 500 ◦C. The weight
of CuO remained constant, and the change was only 0.3% at 500 ◦C. Thus, Cu3N decomposed at
a lower temperature than CuO and Cu2O, which is consistent with previous reports that CuO and
Cu2O melt at 1193 and 1229 ◦C [30]. The light absorption and thermal decomposition properties of the
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materials are summarized in Table 1. Among the copper compounds examined, copper nitride had the
second highest light absorbency and lowest decomposition temperature; therefore, we concluded that
copper nitride was the most suitable material for producing a wiring ink that is sintered by means of
IPL irradiation.

Figure 1. Ultraviolet–visible diffuse reflection spectra of copper nitride (Cu3N), copper(I) oxide (Cu2O),
copper(II) oxide (CuO), and copper (Cu) particles.

Figure 2. Thermogravimetric-differential thermal analysis curves of copper nitride (Cu3N), copper(I)
oxide (Cu2O), and copper(II) oxide (CuO) in an air or N2 atmosphere.

Table 1. Chemical properties of the copper-containing materials.

Copper-Containing
Material

Light Absorbency Decomposition
Temperature or

Melting Point (◦C)

Copper Content
RatioAbsorption Range (nm) Strength

Cu3N 350–800 Medium 250 93
CuO 350–800 Strong 1193 87
Cu2O 350–650 Medium 1229 89

Cu 350–800 Weak 1085 100

3.2. Evaluation of Liquid Inks

Simple liquid dispersions containing the copper compounds were prepared. To increase the
reduction property of the copper compounds, liquid dispersions containing ethylene glycol as a
reduction compound were also prepared. Films of the inks were prepared by dropping the ink onto
a cover glass, and IPL sintering was performed at 12.45 and 16.60 J cm−2 with pulse widths of 1500
and 2000 μs, respectively; for both irradiation conditions, the applied voltage, irradiation period, and
number of pulses were 2.3 kV, 1000 ms, and 1, respectively. Table 2 shows the copper conversion ratios,
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as estimated from the integral strength obtained by means of X-ray diffraction (Figure S2), and sheet
resistances of the films made from the liquid dispersions.

In the absence of ethylene glycol, copper nitride film irradiated at 12.45 and 16.60 J cm−2 had
copper conversion ratios of 0.91 and 0.88, respectively. However, in the presence of ethylene glycol,
copper nitride film irradiated at 12.45 and 16.60 J cm−2 had copper conversion ratios of 0.99 and 0.96,
respectively. No conversion to copper was observed for the copper(I) oxide and copper(II) oxide films,
irrespective of the absence or presence of ethylene glycol.

Sheet resistance after IPL sintering was measured by means of a four-point probe method in the
presence or absence of ethylene glycol (Table 2 and Figure 3). The sheet resistances for the copper(I)
oxide films were beyond the maximum limit of quantitation of the instrument (>9.999 × 107 Ω).
Similarly, sheet resistances for the copper(II) oxide films could not be obtained because the films broke
apart after sintering (Figure S3).

Table 2. Conversion ratio and sheet resistance obtained with different irradiation energy densities
and vehicles.

Energy Density (J cm−2) Vehicle Conversion Ratio Sheet Resistance (Ω sq−1)

Cu3N CuO Cu2O Cu3N CuO Cu2O Cu
12.45 EtOH 0.91 0 0 4.52 × 106 N.D. O.L. 2.70 × 10−1

16.60 EtOH 0.88 0 0 2.37 × 100 N.D. O.L. 1.11 × 10−1

12.45 EtOH + EG 0.99 0 0 1.34 × 100 N.D. O.L. 3.31 × 10−1

16.60 EtOH + EG 0.96 0 0 6.95 × 10−1 N.D. O.L. 4.72 × 10−1

Figure 3. Sheet resistance of films containing copper nitride (Cu3N) and copper (Cu) after intense
pulsed light sintering. Vehicle, ethanol (EtOH) with or without ethylene glycol (EG).

For the copper nitride films, higher sheet resistances were obtained in the absence of ethylene
glycol (4.52 × 106 and 2.37 × 100 Ω sq−1 at 12.45 and 16.60 J cm−2, respectively) than in the presence of
ethylene glycol (1.34 × 100 and 6.95 × 10−1 Ω sq−1 at 12.45 and 16.60 J cm−2, respectively). However,
the reason for the particularly high sheet resistance obtained for the film not containing ethylene glycol
and irradiated at 12.45 J cm−2 was that the conductive path in the film was broken by the probes
during measurement, because the mechanical strength of the film was weak; visual inspection after
measurement of the sheet resistance revealed that the film was broken. Compared with the sheet
resistances of the films containing the copper nanoparticles, the sheet resistances of the copper nitride
films were comparable or one order of magnitude higher.

Visual and scanning electron microscopy (Figure 4) inspection revealed that the surface of the
film containing ethylene glycol became coarse after IPL irradiation at 16.60 J cm−2. In addition, the
surface was found to contain hollow particles of copper with a particle size of 5 μm or more. The coarse
particle size and failure of necking to form between particles are likely the reasons for the weakness of
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the film. We propose the following process for the formation of the hollow copper particles (Figure S4):
Copper nitride particles are chemically changed to copper particles by the thermal energy produced
by IPL irradiation; these particles rapidly fuse with nearby particles because of the decreased surface
energy of the particles, and copper plate-like films form and then become round owing to surface
tension. This would suggest that it is necessary to avoid rapid heating by IPL irradiation [16] and
rapid cooling of the particles to prevent the generation of hollow particles. Specifically, it relaxes the
heating rate to transfer the thermal energy, which is rapidly generated by IPL irradiation, to organic
compound. As a result, we conclude that the condition of the film could be improved because the
intense reaction is inhibited.

Figure 4. Appearance and scanning election microscopy images of a film containing ethylene glycol
(a,c) before and (b,d) after intense pulsed light irradiation at 16.60 J cm−2.

3.3. Evaluation of Paste Inks

3.3.1. Use of Ethyl Cellulose and PGPTMS as a Binder and an Adhesion Reagent, respectively, to
Produce a Copper Nitride Paste Ink

Although copper nitride was found to have a high copper conversion ratio, some of the films
produced had a high sheet resistance because of weak mechanical strength. To address this issue, and
to examine a more practical formulation for copper nitride ink, we investigated the use of a paste
ink in which ethyl cellulose and poly(3-glycidoxypropyl)trimethoxysilane (PGPTMS) were used as a
binder and adhesion reagent, respectively. It was previously reported that PGPTMS improves bonding
strength between the particles in ink films and between the substrate and the film [28,29].

First, we determined the most suitable concentration of PGPTMS to use in the vehicle by preparing
vehicles containing different concentrations of PGPTMS and using them to make films containing
copper nitride at a weight ratio of 1:1 (Table 3). The films were then exposed to IPL irradiation under
different conditions (Table 4), and copper conversion ratio and sheet resistance were measured (Table 5,
Figure 5, and Figure S5).

Table 3. Vehicle compositions.

Type of
Vehicle

PGPTMS (wt %)
2-(2-Butoxyethoxy)ethyl

acetate (wt %)
Diethylene Glycol

Monobutyl Ether (wt %)
Ethyl Cellulose

(wt %)

Vehicle 1 0 83.7 9.3 7
Vehicle 2 1 82.9 9.2 6.9
Vehicle 3 7 77.9 8.7 6.5
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Table 4. Intense pulsed light sintering conditions.

Photo
Sintering
Condition

Applied
Voltage

(kV)

Pulse Width
(μs)

Period
(ms)

Number
of Pulses

Total
Electrical
Energy (J)

Energy
Density
(J cm−2)

Distance
(mm)

P.S.1 2.0 1000 1000 1 344.0 5.94 25
P.S.2 2.3 1000 1000 1 481.0 8.30 25
P.S.3 2.3 1500 1000 1 721.6 12.45 25
P.S.4 2.3 2000 1000 1 962.1 16.60 25
P.S.5 2.3 1000 1000 4 481.0 8.30 25

Table 5. Copper conversion ratio and sheet resistance obtained by using the intense pulsed light
sintering conditions shown in Table 4.

IPL Sintering
Condition

Conversion Ratio Sheet Resistance (Ω sq−1)

Cu3N CuO Cu2O Cu3N CuO Cu2O

Vehicle 1 2 3 2 2 1 2 3 2 2

P.S.1 0.10 0.43 0.35 0.00 0.00 O.L. 2.74 × 100 O.L. O.L. O.L.
P.S.2 0.41 0.63 0.68 0.00 0.00 O.L. 5.06 × 10−1 O.L. O.L. O.L.
P.S.3 0.62 0.84 0.67 0.03 0.00 9.65 × 100 1.19 × 100 9.65 × 100 O.L. O.L.
P.S.4 0.69 0.82 0.62 0.10 0.00 1.41 × 100 7.90 × 100 2.82 × 100 O.L. O.L.
P.S.5 0.46 0.75 0.56 0.00 0.00 O.L. 4.97 × 10−1 O.L. O.L. O.L.

O.L. = overload.

Figure 5. Conversion ratio (a) and sheet resistance (b) of films made with various vehicles (Table 3)
and then exposed to intense pulsed light irradiation using the conditions shown in Table 4.

Among the inks containing vehicles 1, 2, and 3 (PGPTMS concentrations, 0, 1, and 7 wt %,
respectively), the ink containing vehicle 2 had a high copper conversion rate under most conditions.
We therefore examined the effect of different IPL irradiation conditions on this ink. In a comparison of
different applied voltages (2.0 [P.S.1] or 2.3 kV [P.S.2]), the copper conversion rate was increased from
0.43 to 0.63 by increasing the applied voltage. In a comparison of different pulse widths (1000 [P.S.2],
1500 [P.S.3], or 2000 μs [P.S.4]), the copper conversion rate increased with increasing pulse width,
although the copper conversion rate was comparable between pulse widths of 1500 and 2000 μs. In a
comparison of number of pulses (1 [P.S.2] or 4 pulses [P.S.5]), the copper conversion rate was increased
from 0.63 to 0.75 by increasing the number of pulses. In addition, low sheet resistances, 5.06 × 10−1

and 4.97 × 10−1 Ω sq−1, were obtained for conditions P.S.2 and P.S.5, respectively. No relationship
was observed between copper conversion rate and sheet resistance.
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To examine the relationship between sheet resistance and bonding between particles, the surface
condition of the sintered samples prepared by using vehicle 2 was observed by means of scanning
electron microscopy (Figure 6). Improved necking and no increase in particle size above micrometer
size were observed in the film irradiated using the P.S.2 conditions (8.30 J cm−2). In addition, the
influence of the additives (i.e., ethyl cellulose and PGPTMS) could be clearly observed between the
paste inks (Figure 6) and the liquid inks (Figure 4). The additives inhibited the intense reaction of
copper nitride by IPL irradiation (described above in the Section 3.2) because the heat energy produced
by IPL irradiation spread not only to the copper nitride, but also to the additives. As a result, the
formation of the particles above micrometer size with a hollow shape was inhibited. Furthermore, it
appears that the necking between particles was improved by the addition of the additives because
the sheet resistance was decreased and mechanical strength was increased in films containing the
additives compared with those without.

In this series of experiments, the copper conversion ratio was limited to approximately 0.8 for the
paste ink, owing to the penetration depth of the IPL irradiation. For all of the examined films, there
was a difference in color after IPL irradiation when both sides of the film were compared (Figure S6);
the back of the film was darker than the front, indicating that the copper nitride was not converted to
copper at the back of the film.

Figure 6. Scanning electron microscopy images of films prepared by using vehicle 2 before and after
intense pulsed light sintering with different irradiation conditions.

3.3.2. Comparison of Paste Inks Prepared with Vehicle 2

Paste inks containing copper nitride, copper(II) oxide, or copper(I) oxide were prepared with
vehicle 2 and subjected to IPL sintering (sintering conditions, Table 4; copper conversion ratio and
sheet resistance, Table 5; X-ray diffraction patterns, Figure S7). The appearances of the samples before
and after IPL irradiation are shown in Figure 7. For the copper nitride films, the surface color was
clearly changed from dark to light brown. In contrast, the color of the copper(II) oxide and copper(I)
oxide films remained largely unchanged (minor changes were observed for copper(II) oxide under
conditions P.S.3 and P.S.4).
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Figure 7. Appearance of films prepared with vehicle 2 and containing (Cu3N), copper(I) oxide (Cu2O),
or copper(II) oxide (CuO) before and after intense pulsed light irradiation under the conditions shown
in Table 4.

The sheet resistances of the copper(II) oxide and copper(I) oxide films could not be determined
because they were beyond the maximum limit of quantitation of the instrument (>9.999 × 107 Ω).
Thus, in the case of copper(I) oxide film, sheet resistance was not improved despite the film having
improved mechanical strength compared to the film prepared by liquid ink.

3.4. Volume Resistivity and Comparison with that of Previous Studies

The volume resistivity of the obtained conductive film prepared by using the vehicle 2 after IPL
irradiation at 8.30 J cm−2 was estimated. The thickness of the film after IPL irradiation was 20 μm, as
determined from a cross-sectional scanning electron microscopy image (Figure S8). Assuming that
60% (Table 5) of the film from the sample surface was converted from copper nitride to copper, it is
estimated that a conductive layer with a thickness of 12 μm was produced.

The results of previously published studies are shown in Table 6 together with the results of the
present study. In these previously published studies, various materials (i.e., copper, copper(II) oxide,
and copper organic complex) and particle shapes (i.e., nanoparticles, microparticles, and nanowire)
were successfully used to produce conductive films via IPL irradiation. Although direct comparison of
the results of these studies is difficult owing to differences in the spectra of the light sources used, the
film in the present study had lower resistivity obtained by IPL irradiation with lower energy density
than those previously reported. In the future, we intend to find the irradiation conditions and additives
to obtain a conductive film with better characteristics.
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4. Conclusions

Here, we examined the properties of films containing copper nitride, copper(II) oxide, and
copper(I) oxide for their suitability as wiring inks for IPL sintering-based printed circuit board
production. The following was clarified: Among the copper compounds examined, copper nitride
had the second highest light absorption and lowest decomposition temperature, suggesting that it is
suitable for sintering by IPL irradiation. Liquid ink containing copper nitride had a copper conversion
ratio of 0.96 at an irradiation energy of 16.6 J cm−2. The sheet resistance of the film was on the order
of 10−1 Ω sq−1, which was comparable to that of a film made from liquid ink containing copper
nanoparticles. To improve the mechanical strength of the film, paste inks containing ethyl cellulose
and PGPTMS as a binder and adhesion compound, respectively, were prepared. The optimum amount
of PGPTMS was 1 wt %, and a film made from a paste ink containing the optimized vehicle and copper
nitride and irradiated at 8.30 J cm−2 had a sheet resistance of 5.06 × 10−1 Ω sq−1. Together, the present
results indicate that copper nitride is a suitable material for the development of wiring inks sintered
by means of IPL irradiation.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/8/8/617/s1,
Figure S1: schematic images for preparing test film of (a) liquid ink and (b) paste ink, Figure S2: XRD patterns of
samples for copper nitride, copper(II) oxide, and copper(I) oxide after IPL sintering, Figure S3: appearance of
samples prepared from liquid ink including CuO before and after IPL sintering, Figure S4: schematic image for
forming hollow particles, Figure S5: XRD patterns of different vehicles including Cu3N films after IPL sintering,
Figure S6: appearance of a sample film after IPL sintering front side and back side, Figure S7: XRD patterns of
sample films including CuO and Cu2O after IPL sintering, Figure S8: cross-section SEM image of the sample
sintered by IPL at 8.30 J cm−2 of irradiation energy.
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Abstract: High-selenium Cu2Mg0.2Zn0.8Sn(S,Se)4 (CMZTSSe) films were prepared on a soda lime
glass substrate using the sol–gel spin coating method, followed by selenization treatment. In this work,
we investigated the effects of selenization temperature and selenization time on the crystal quality, and
electrical and optical properties of CMZTSSe films. The study on the micro-structure by XRD, Raman,
X-ray photoelectron spectroscopy (XPS), and energy-dispersive X-ray spectroscopy (EDS) analysis
showed that all CMZTSSe samples had kesterite crystalline structure. In addition, the crystalline
quality of CMZTSSe is improved and larger Se takes the site of S in CMZTSSe with the increase
of selenization temperature and selenization time. When increasing the selenization temperature
from 500 to 530 ◦C and increasing the annealing time from 10 to 15 min, the morphological studies
showed that the microstructures of the films were dense and void-free. When further increasing
the temperature and time, the crystalline quality of the films began to deteriorate. In addition, the
bandgaps of CMZTSSe are tuned from 1.06 to 0.93 eV through adjusting the selenization conditions.
When CMZTSSe samples are annealed at 530 ◦C for 15 min under Se atmosphere, the crystal quality
and optical–electrical characteristics of CMZTSSe will be optimal, and the grain size and carrier
concentration reach maximums of 1.5–2.5 μm and 6.47 × 1018 cm−3.

Keywords: CMZTSSe films; sol–gel; electrical properties; optical properties; selenization treatment;
solar cells

1. Introduction

Thin-film photovoltaic cells have generated enormous attention since the reliable efficiencies of
CuInGaSe2 (CIGSe) and CdTe have exceeded 20% [1–4]. While there are numerous benefits of CIGSe
and CdTe photovoltaic cells, such as consuming less material and high efficiency, the constituent
elements of the materials inevitably have high cost and toxicity. Compared with CIGSe and CdTe,
the Cu2ZnSn(S,Se)4 (CZTSSe) compound has a high absorption coefficient and adjustable bandgaps,
and the constituent elements are inexpensive and environmentally friendly [5,6]. Hence, CZTSSe
is considered to be a potential absorber material. However, the conversion efficiency of CZTSSe
photovoltaic cells hasonly achieved 12.6%, which is still far lower than the conversion efficiency of
CIGSe-based solar cells (22.9%) [7–9]. In order to improve conversion efficiency and make CZTSSe
industrially viable, a lot of researches are still needed. Recently, studies have shown that enhancing the
open-circuit voltage (Voc) and improving the crystal quality and optical–electrical characteristics of the
CZTSSe layer are the main challenges that CZTSSe photovoltaic cells must face [10–12]. Considerable
researches have been carried out to explore the reason of the lower Voc. It was found that the reasons are
varied, and one of the frequently mentioned ones is the unsuitable conduction band offset (CBO) [10–12].
The CBO of CdS/CZTSSe is affected by the bandgaps of CZTSSe. Therefore, engineering an adjustable
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bandgap is a practical method to break through the current limit of Voc. In order to achieve the goal of
tuning CZTSSe bandgaps, a large number of experiments have been carried out [13–18].

Recent studies show that adjusting the bandgaps of CZTSSe by partial metal cation replacement is
probably an effective approach. Among them, taking the place of Zn with Mg can adapt the bandgaps
and enhance the crystallinity of CZTSSe films. In our previous studies, the Cu2MgxZnxSn(S,Se)4

samples with different Mg concentrations were successfully synthesized by the sol–gel method [19].
It was found that the bandgaps of Cu2MgxZnxSn(S,Se)4 samples can be tuned in the ranges of 1.12
to 0.88 eV as Mg concentration varied from x = 0 to 0.6 [19]. In addition, we investigated the effects
of Mg content on the properties of Cu2MgxZnxSn(S,Se)4 films in detail. The results of the study
showed that the Cu2MgxZnxSn(S,Se)4 films with adjusted bandgaps, high crystallinity, and high carrier
concentration will be a potential high-efficiency photovoltaic cell absorber material [19]. Furthermore,
the realization of bandgap regulation by Mg instead of Zn has the following advantages: Firstly,
compared to Cd and Ge, the Mg element is more abundant, low cost, and environmentally friendly [20].
Moreover, the formation of other binary and ternary phases may be eliminated or reduced in the
process of synthesizing Cu2MgxZnxSn(S,Se)4 films, because ZnS and ZnSe are present, while MgS and
MgSe are unstable in the process of synthesizing the precursor solution [20]. Therefore, it is concluded
that Cu2MgxZnxSn(S,Se)4 is worthy of study as a potential absorbing layer material.

As we all know, for the sake of improving the properties of CZTSSe and obtaining CZTSSe
films with a single phase and large crystal size, a heat treatment of the precursor films at an elevated
temperature (>500 ◦C) is usually required [21,22]. A large number of studies have shown that the
selenization temperature and selenization time significantly influence the properties of the films,
including the crystal quality, and optical and electrical properties [23–25]. The influence of selenization
treatment on the physical performance of CZTSSe has been investigated by extensive researches [21–25].
However, the effects of selenization temperature and selenization time on the phase evolutions,
crystal quality, and optical–electrical characteristics of Cu2MgxZnxSn(S,Se)4 have not been reported so
far. Hence, in the present work, Cu2Mg0.2Zn0.8Sn(S,Se)4 (CMZTSSe) samples annealed at different
selenization conditions are synthesized, and the influences of selenization temperature and selenization
time on the structure, and optical and electrical properties of CMZTSSe samples are investigated
in detail.

2. Experimental Methods

2.1. Synthesis of Cu2Mg0.2Zn0.8Sn(S,Se)4 Precursor Films

The CMZTSSe precursor films were synthesized in two steps. The first process was to prepare
the CMZTSSe precursor solution by a simple and convenient sol–gel technique. We dissolved
Cu(CH3COO)2·H2O (0.8086 g), MgCl2·6H2O (0.1787 g), Zn(CH3COO)2·2H2O (0.4794 g), SnCl2·2H2O
(0.5077 g), and thiourea (1.3702 g) into 2-methoxyethanol (10 mL), and stirred for 10–15 min at room
temperature. The monoethanolamine (MEA) (0.2 mL) was added to the precursor solutions at the end.
During the precursor solution preparation process, in order to obtain high-quality CMZTSSe films, the
ratio of Cu/(Mg + Zn + Sn) was 0.82 and the ratio of (Zn +Mg)/Sn was 1.2. In our previous studies, we
found that the surface morphology, and optical and electrical properties of Cu2MgxZnxSn(S,Se)4 films
were optimal when the proportion of Mg/(Mg + Zn) was 0.2 [17]. Therefore, in the present work, the
proportion of Mg/(Mg + Zn) was set to 0.2. Then, in order to dissolve the raw materials completely and
obtain the CMZTSSe sol–gel solution at room temperature, we stirred the solution until the precursor
solution color became colorless and transparent. The second procedure was to obtain the CMZTSSe
precursor films through the spin coating method. We spun the precursor solution of CMZTSSe at
3000 r for 30 s, followed by drying at 300 ◦C for 5 min in air. In order to acquire CMZTSSe films with
micrometer thicknesses, the process of the coating and drying was repeated several times.
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2.2. Selenization of Cu2Mg0.2Zn0.8Sn(S,Se)4 Films

For the sake of studying the effect of annealing treatment on the properties of CMZTSSe films,
the rapid annealing treatment was implemented for CMZTSSe precursor films at various selenization
temperatures and selenization times under the same selenium atmosphere. We used fixed-quality
selenium powder (15 mg) to anneal the precursor CMZTSSe films in the selenide annealing furnace,
and increased the selenization temperature from 500 to 560 ◦C, while the selenization time was adjusted
in the range of 10–20 min to obtain CMZTSSe samples at varied annealing conditions.

2.3. Materials Characterization

The structural characteristics and chemical composition of CMZTSSe were measured using X-ray
power diffraction (XRD, Rigaku Corporation, Tokyo, Japan), Raman spectroscopy (Renishaw, London,
UK) with a 514 nm laser wavelength, and X-ray photoelectron spectroscopy (XPS, Thermo Fisher
Scientific, Waltham, MA, USA) (Al Kα was used as the X-ray source). Scanning electron microscopy
(SEM) (Hitachi S-4800, JEOL Ltd., Tokyo, Japan) was performed to study the surface morphology of
CMZTSSe films. The energy-dispersive X-ray spectroscopy (EDS, JEOL Ltd., Tokyo, Japan) system
was used to analyze elemental content. The optical and electrical performances of CMZTSSe films
were characterized by UV-Vis-NIR spectra (UV-3101PC, Tokyo, Japan) and room temperature Hall
measurement, respectively.

3. Results and Discussion

3.1. Influence of Annealing Temperature on the Properties of Cu2Mg0.2Zn0.8Sn(S,Se)4 Films

As we all know, the properties of absorbers are easily affected by annealing temperature. For
the sake of studying the effect of selenization temperature on the microstructure and photoelectric
characteristics of CMZTSSe films during the selenization process, the CMZTSSe samples were annealed
for 15 min under Se ambience at different temperatures of 500, 530, and 560 ◦C, hereafter named as A1,
A2, and A3, respectively. In addition, the CZTSSe film annealed at a temperature of 530 ◦C for 15 min
will be used as a reference, named as sample A.

XRD spectra were always used to evaluate the crystal quality and assess the probable impurity
phase during the selenization process. Figure 1 represents the XRD spectra of CMZTSSe samples
annealed at different temperatures from 500 to 560 ◦C (samples A1, A2, and A3). The CMZTSSe films
at all varied annealing temperatures were in the kesterite phase, with peaks corresponding to the
(112), (220), (312), (008), and (332) planes of Cu2ZnSnS4 (CZTS) with the kesterite phase [26,27]. As
shown in Figure 1, the characteristic peaks of impurity phases were not found, which indicates that
the single-phase CMZTSSe with kesterite structure was formed at all varied annealing temperatures.
Figure 1a indicates the XRD patterns for sample A1, annealed at 500 ◦C under atmosphere of Se, and it
was found that the peak intensity is weaker. By increasing the annealing temperature to 530 ◦C, as
shown in Figure 1b, the peak intensity was found to be enhanced, indicating that the crystal quality of
sample A2 is enhanced at 530 ◦C. For sample A3, with the annealing temperature of 560 ◦C, the peak
intensity of XRD only slightly changed, as seen from Figure 1c. As seen from the inset, the dominant
characteristic peak (112) is observed to be shifted to smaller angles, from 27.20◦ to 26.93◦, with the
annealing temperature increasing from 500 to 560 ◦C. This is due to the variety in atomic-lattice distance
caused by elemental replacement, where the element Se will take the place of S in the CMZTSSe
compound with the increase of annealing temperature. According to the results of XRD, there are
no secondary phases in CMZTSSe films annealed at different selenization temperatures from 500 to
560 ◦C.
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Figure 1. XRD spectra of Cu2Mg0.2Zn0.8Sn(S,Se)4 (CMZTSSe) films annealed at different temperatures
(a) 500 ◦C, (b) 530 ◦C, (c) 560 ◦C. Inset: Enlarged view of the corresponding (112) diffraction peak of the
CMZTSSe films annealed at different temperatures.

Table 1 shows the values of full width at half-maximum (FWHM), grain size, the a-axis lattice
constant (a), and the c-axis lattice constant (c) for the CMZTSSe films annealed at different temperatures,
which are obtained from the (112) peak in the XRD profile. It can be seen from Table 1 that, as the
annealing temperature increases from 500 to 560 ◦C, the grain size increases first and attains a maximum
value at 530 ◦C, and then decreases when the annealing temperature is continuously increased up to
560 ◦C. An opposite changing trend was observed concurrently for the FWHM—when increasing the
annealing temperature up to 530 ◦C, the FWHM has a minimum value. Meanwhile, the a-axis lattice
constant gradually increases from 5.669 to 5.691 Å as the annealing temperature increases from 500 to
560 ◦C. The c-axis lattice constant also increases from 11.305 to 11.635 Å. The increases in the lattice
constants are ascribed to the rise of the Se content in films, where the S (0.184 nm) atoms were replaced
by the larger Se (0.198 nm) atoms with the increasing annealing temperature. This may be verified by
the EDS results later.

Table 1. The full width at half-maximum (FWHM), grain size, a-axis lattice constant (a), and c-axis
lattice constant (c) for CMZTSSe films annealed at different temperatures.

Sample Temperature (◦C) Time (min) a (Å) c (Å) Crystalline Size (nm) FWHM

A1 500 15 5.669 11.305 58.2 0.172
A2 530 15 5.681 11.415 71.1 0.156
A3 560 15 5.691 11.635 67.1 0.163

It is well known that the discernment of the secondary phases in CZTSSe compounds by
XRD patterns is difficult, owing to the nearly overlapped XRD patterns of the secondary ZnS(Se)
and Cu2SnS(Se)3 with the kesterite CZTSSe [28]. Therefore, Raman spectroscopy measurement is
usually applied as an auxiliary technique to detect possible impurity phases, because it is sensitive to
lattice vibrations.

Figure 2 shows the Raman spectra of CMZTSSe films annealed at different annealing temperatures
from 500 to 560 ◦C (samples A1, A2, and A3). The Raman spectrum of sample A1 was fitted using
the Gaussian fitting method, and the peaks at 173, 193, and 234 cm−1 can be observed. The peaks
at 173 and 193 cm−1 conform to the A (A1 and A2) mode Raman vibration peaks of the kesterite
CZTSSe phase, as reported in the previous literature [29]. The A modes are pure anion modes which
correspond to vibrations of pure chalcogen (S or Se) atoms surrounded by motionless neighboring
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atoms. The result exhibits a broad peak located at 234 cm−1 that corresponds to the E vibration mode
in connection with Sn–Se bonding in the kesterite CZTSSe phase [29]. In addition, it can be seen that
the Raman peaks of all samples conform with the vibration peaks of the kesterite CZTSSe phase. The
Raman peaks of the other secondary phases were not discovered. This indicates that all annealed
samples consist of a single phase of CZTSSe with kesterite structure. Furthermore, with the variation
of annealing temperature from 500 to 560 ◦C, it was found that all Raman peaks were shifted to the
lower values, especially for the A1 mode peak. The inset of Figure 2 displays the tracking of the peak
position of the A1 vibration mode, and it is obviously noted that the A1 vibration peak shifted from
195.6 to 193.9 cm−1 as the annealing temperature changed from 500 to 560 ◦C. This phenomenon can be
attributed to the increment of selenization temperature from 500 to 560 ◦C, which easily allows larger
Se to replace S in the CZTSSe, significantly increasing the lattice constant. It was found from the Raman
results that the secondary phases were not discovered, which is consistent with the XRD results. In
addition, the peak shift as observed from the XRD and Raman spectra is considered to be due to larger
Se taking the site of smaller S in CMZTSSe films with the increase of selenization temperature from 500
to 560 ◦C, which will be better understood from the compositional and morphological studies later.

Figure 2. Raman spectra of the CMZTSSe films annealed at different temperatures. Inset: The main
Raman peaks of A1 mode for CMZTSSe films annealed at different temperatures.

XPS is sensitive to information about the chemical bonding state and element content. As shown
in Figure 3, we identify the elemental composition and valence states of the constituent elements (Cu,
Zn, Sn, Se, S, and Mg) in CMZTSSe films annealed at 530 ◦C for 15 min by XPS measurement, and all
peaks were corrected by the C1s binding energy (284.8 eV). As seen from Figure 3a, the Cu 2p XPS
spectrum consists of a Cu 2p3/2 peak and a Cu 2p1/2 peak at 931.6 and 952.5 eV, respectively, with a
peak separation of 20.9 eV, which indicates that Cu is in the state of +1 [30]. Figure 3b displays a Zn 2p
XPS spectrum, and the peaks presented at 1021.4 and 1044.2 eV are ascribed to Zn 2p3/2 and Zn 2p1/2,
respectively. The binding energy interval between the Zn 2p3/2 peak and the Zn 2p1/2 peak is 22.8 eV,
indicating the existence of divalent Zn ions [31]. Figure 3c shows the XPS spectrum of Sn 3d, and two
peaks attributed to Sn 3d5/2 and Sn 3d3/2 can be observed at 485.5 and 494.1 eV. The energy difference of
the two Sn 3d peaks is 8.6 eV, suggesting the presence of the Sn4+ state [32]. Figure 3d displays the Se 3d
XPS spectrum, and the S 2p high-resolution spectrum is shown in Figure 3e. The Se 3d XPS spectra can
be fitted into two sub-peaks located at 53.3 and 53.8 eV, which can be ascribed to Se 3d3/2 (green area)
and Se 3d1/2 (purple area), respectively. The above results indicate that Se in the films is likely to exist in
the Se2− state [33]. It is well known that the S 2p core level and Se 3p core level are almost overlapping,
and we used the Gaussian fitting method to fit the XPS spectra into four sub-peaks presented at 159.1,
160.2, 161.3, and 165.8 eV, which are ascribed to Se 2p3/2 (light green area), S 2p3/2 (pink area), S 2p1/2

(deep purple area), and Se 3p1/2 (grey green area), respectively. The S 2p3/2 and S 2p1/2 peaks located at
160.2 and 161.3 eV, respectively, are in the standard reference value range (160–164 eV) [33], which
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means that S exists in the form of S2−. Figure 3f displays the XPS high-resolution spectrum of Mg 1s,
and the peak can be observed at 1303.6 eV, which indicates that divalent Mg2+ exists in our study [19].
The results of the XPS analysis show that the constituent elements (Cu, Zn, Sn, Se, S, and Mg) exist in
the forms of Cu1+, Zn2+, Mg2+, Sn4+, Se2−, and S2− in CMZTSSe.

Figure 3. X-ray photoelectron spectroscopy (XPS) spectra of CMZTSSe films annealed at 530 ◦C for 15
min: (a) Cu, (b) Zn, (c) Sn, (d) Se, (e) S, and (f) Mg.

Figure 4a–d shows the scanning electron microscopy (SEM) images of the CZTSSe film annealed
at 530 ◦C for 15 min (sample A) and the CMZTSSe films annealed under atmosphere of Se for 15 min
at temperatures of 500, 530, and 560 ◦C (samples A1, A2, and A3). Figure 4a shows the surface SEM
images of sample A. As we can see from Figure 4a, irregular and small grain sizes of 0.5–0.8 μm were
observed. In addition, it was clearly seen that the surface morphology of Cu2ZnSn(S,Se)4 films is
very rough. Figure 4b shows the SEM of sample A1, and it is clearly seen that the film consists of
nanograins, with the grain size being even smaller than that of sample A, and the surface morphology
is also rough. As shown in Figure 4c, the crystal quality was improved for sample A2, and the grain
size of the film reached 1.0–2.5 μm while the surface morphology became smooth and compact. When
the selenization temperature was increased to 560 ◦C, the grain size of sample A3 slightly reduced
to 1.0–1.5 μm and displayed a rough morphology, as displayed in Figure 4d. The results indicate
that the proper selenization temperature is 530 ◦C, and that this is beneficial to promote the grain
growth. Excessively high or low temperatures will cause the deterioration of film quality. When the
selenization temperature is 530 ◦C, not only does the grain size of CMZTSSe film reach its maximum,
but the surface morphology of the film also becomes smooth and compact.

As we all know, the photoelectric properties of CZTSSe-based films need to rely heavily on the
stoichiometric ratios of Cu, Zn, Sn, S, and Se in CZTSSe-based films [34]. Table 2 displays the EDS
results of CMZTSSe films annealed at different temperatures from 500 to 560 ◦C (samples A1, A2, and
A3). According to the EDS results, we confirmed the existence of Cu, Zn, Mg, Sn, S, and Se elements
in samples A1, A2, and A3. It was found that the atomic percentages of Se increased from 35.87% to
45.20% and S evidently decreased from 11.46% to 3.16% with increasing selenization temperature from
500 to 560 ◦C, indicating that Se will partially replace S in the CMZTSSe compound. The compositions
of the other elements (Cu, Sn, and Mg) in all three samples were found to be nearly the same, while the
atomic percentages of Zn decreased from 11.30% to 8.16%, indicating that Zn loss happened when the
selenization temperature changed from 500 to 560 ◦C. In the precursors, the ratios of Cu/(Zn +Mg +
Sn) and Mg/(Mg + Zn) were about 0.82 and 0.2, respectively. The ratios of Mg/(Mg + Zn) in all the
films were close to 0.2, but the ratios of Cu/(Zn +Mg + Sn) in all films became significantly larger. This

34



Nanomaterials 2019, 9, 946

may be due to the decrease of Zn content as the annealing temperature increases. As mentioned before,
Se/(S + Se) > 50% is highly suitable for the fabrication of high-efficiency solar cells [35]. The percentage
of Se/(S + Se) is 75.79% for A1, and the percentages of Se/(S + Se) increase to 82.22% and 93.47% for A2
and A3, respectively, indicating that A1, A2, and A3 samples are suitable for the fabrication of efficient
solar cell devices. Sample A2 has an appropriate Se/(S + Se) ratio and the grain size became larger
compared to samples A1 and A3. Therefore, sample A2 is more suitable to fabricate the high-efficiency
solar cells. Figure 5 summarizes the elements composition analysis of CMZTSSe films according to
Table 2. As shown from Figure 5, when increasing the selenization temperature from 500 to 560 ◦C, the
proportion of Se increases gradually while the content of S decreases, while the atomic percentages of
Cu, Zn, Sn, and Mg remain relatively constant compared with those of S and Se.

Figure 4. SEM images of CZTSSe annealed at (a) 530 ◦C and CMZTSSe films annealed at (b) 500; (c)
530; and (d) 560 ◦C.

Figure 5. Energy-dispersive X-ray spectroscopy (EDS) composition analyses of CMZTSSe films annealed
at different temperatures.

Table 2. EDS results of the CMZTSSe films annealed at different temperatures from 500 to 560 ◦C.

Sample
Temperature

(◦C)
Cu

(at%)
Zn

(at%)
Sn

(at%)
Mg

(at%)
S

(at%)
Se

(at%)
Se/(S +

Se)
Cu/(Zn +
Mg + Sn)

Mg/(Mg
+ Zn)

A1 500 28.46 11.30 11.14 1.78 11.46 35.87 75.79 1.18 0.14
A2 530 26.71 9.91 12.88 1.76 8.67 40.08 82.22 1.09 0.15
A3 560 28.32 8.16 13.28 1.88 3.16 45.20 93.47 1.22 0.19

In order to research the influence of selenization temperature on the optical bandgaps of CMZTSSe
films (samples A1, A2, and A3), we studied the optical absorption measurements of the CMZTSSe
films annealed at different selenization temperatures by an UV-vis-NIR spectrophotometer. Figure 6
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displays the (αhυ)2–hυ plots of CMZTSSe films. We use the solids band theory to express the relation
between the absorption coefficient (α) and the photon energy (hυ) as follows [36]:

(αhυ) = B(hυ − Eg)n (1)

where h, B, υ, and Eg are Plank’s constant, a constant, photon frequency, and optical bandgap,
respectively. The values of n can employ 3, 2, 3/2, and 1/2, when transitions are indirect unallowed,
indirect allowed, direct unallowed, and direct allowed, respectively [37]. The values of n can employ
1/2 for direct bandgaps of semiconductor CZTSSe [36]. By using the Equation (1) and the data in
Figure 6, the bandgaps of CMZTSSe are evaluated to be 1.04, 1.02, and 0.93 eV for samples A1, A2,
and A3, respectively, as shown in the illustration of Figure 6. It was found that the bandgap values of
samples A1, A2, and A3 gradually decrease with increasing selenization temperature, which can be
attributed to the changes of crystal lattice and disparities in electronegativities owing to alloying and
modified atomic structures through Se taking the site of S.

Figure 6. The plot of (αhυ)2 vs. hυ for the absorption spectra. Inset: Bandgap variation as a function of
the selenization temperature.

The electrical properties of the absorbing layer are also important factors affecting the efficiency of
solar cells. Table 3 displays the electrical characteristics of CMZTSSe annealed at different temperatures
(samples A1, A2, and A3) by the Vander Paw method at room temperature. It was found that the
CMZTSSe films annealed at different temperatures behave with p-type semiconductor characteristics.
When the selenization temperature is increased from 500 to 530 ◦C, the resistivity first decreases from
6.18× 100 to 2.85× 10−1 Ω·cm, then increases to 1.10× 102 Ω·cm at the selenization temperature of 560 ◦C.
Obviously, when the selenization temperature is 530 ◦C, the resistivity is optimal. Simultaneously,
it is clear that the corresponding carrier concentration shows a best value of 6.47 × 1018 cm−3 at the
selenization temperature of 530 ◦C. In addition, the mobility reduced from 1.09 × 100 cm2V−1s−1

(500 ◦C) to 3.31 × 10−1 cm2V−1s−1 (530 ◦C), but increased to 1.04 × 10−1 cm2V−1s−1 at the selenization
temperature of 560 ◦C. We analyzed the reasons for the change of CMZTSSe electrical properties,
combined with the characterization of SEM. It was concluded that the defects at the surfaces of the
absorbing layers are passivated, and owing to the crystal quality of CMZTSSe films improving with
the selenization temperature increasing from 500 to 530 ◦C, the resistivity and carrier concentration
achieve the best values with sample A2. It is obvious that the deterioration of resistivity and carrier
concentration is owing to the deterioration of crystal quality when the selenization temperature further
increases from 530 to 560 ◦C.
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Table 3. Electrical properties of the CMZTSSe films annealed at different temperatures from 500 to
560 ◦C.

Sample Temperature (◦C) Time (min) ρ (Ω·cm) n (cm−3)
μ

(cm−2V−1s−1)
Conduction Type

A1 500 15 6.18 × 100 9.22 × 1017 1.09 × 100 p
A2 530 15 2.85 × 10−1 6.47 × 1018 3.31 × 10−1 p
A3 560 15 1.10 × 102 5.54 × 1017 1.04 × 10−1 p

3.2. Effect of Selenization Time on Properties of CMZTSSe Films

After a series of analyses and characterizations, it was proved that the best selenization temperature
is 530 ◦C. As we all know, selenization time is also one of the major parameters influencing the
performance of the absorber layer. In our study, after optimizing the annealing temperature, the
influence of annealing time on the properties of CMZTSSe films has been studied. The CMZTSSe films
were annealed for 10, 15, and 20 min at 530 ◦C under atmosphere of Se, afterward referred as B1, B2,
and B3, respectively.

Figure 7a–c shows the XRD patterns of CMZTSSe films annealed for different times from 10 to
20 min (samples B1, B2, and B3). For the samples B1, B2, and B3, five diffraction peaks located at 28.53◦,
47.33◦, 56.17◦, 69.27◦, and 76.44◦ were observed, conforming to the (112), (220), (312), (008), and (332)
planes of kesterite CZTS respectively [25,26]. The characteristic diffraction peaks of other impurity
phases were not observed in Figure 7. We can explore the influence of annealing time on the structural
performance of CMZTSSe films by observing the peak intensity and peak shift. It is observed from
Figure 7a,b that the intensity of the (112) peak is increased, which indicates that the crystal quality is
enhanced by increasing the annealing time from 10 to 15 min. Furthermore, the characteristic peak
intensity is almost unchanged with the increase of annealing time from 15 to 20 min, as displayed in
Figure 7c. In addition, the position of the (112) peaks are shifted to lower 2θ angle with selenization
time increasing, as shown in the illustration of Figure 7. Since the concentration of Se in the CMZTSSe
matrix increases with the increase of selenization time, there is enlargement of unit cell size, causing
the change of the lattice distance in the films. According to the analysis results of XRD, it was found
that the crystal structure of CMZTSSe was not changed with the increase of annealing time, and we
speculate that the crystal growth of CMZTSSe was completed when the annealing time reached 15 min.

The full width at half-maximum (FWHM), grain size, a-axis lattice constant (a), and c-axis lattice
constant (c) of the films annealed for different times from 10 to 20 min (samples B1, B2, and B3) are
displayed in Table 4. It was found that by increasing the annealing time from 10 to 20 min, the grain size
first increases and then decreases, while the FWHM value first decreases and then increases. When the
annealing time is 15 min, the grain size has a maximum value, while the FWHM has a minimum value.
The a-axis lattice constant gradually increases from 5.665 to 5.684 Å as the annealing time increases
from 10 to 20 min. Meanwhile, the c-axis lattice constant also increases from 11.334 to 11.453 Å. It was
concluded that the optimal annealing time is 15 min.
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Figure 7. XRD spectra of CMZTSSe films annealed at 530 ◦C for different time (a) 10 min, (b) 15 min,
(c) 20 min. Inset: Enlarged view of the corresponding (112) diffraction peaks of the CMZTSSe films
annealed for different times.

Table 4. The full width at half-maximum (FWHM), grain size, a-axis lattice constant (a), and c-axis
lattice constant (c) for CMZTSSe films annealed for different times.

Sample Temperature (◦C) Time (min) a (Å) c (Å) Crystalline Size (nm) FWHM

B1 530 10 5.665 11.334 52.8 0.190
B2 530 15 5.681 11.415 71.1 0.156
B3 530 20 5.684 11.453 61.8 0.171

As we all know, the diffraction peaks of Cu3SnS4 with a tetragonal structure and ZnS with a cubic
structure are close to the diffraction peaks of CZTSSe with a kesterite structure [38,39]. Thus, it is
very difficult to detect possible secondary phases by XRD only. In order to further detect the phase
compositions of CMZTSSe films, Raman scattering spectra were measured for the films annealed for
different times from 10 to 20 min (samples B1, B2, and B3), as shown in Figure 8. The Raman spectrum
of sample B1 was fitted using the Gaussian fitting method, and three Raman peaks located at ~193
(A1 mode), 173 (A2 mode), and 234 cm−1 (E mode) were observed, which conform to the Raman
characteristic peaks of CZTSSe [29]. The characteristic peaks of some possible impurity phases were
not detected. It is suggested that the CMZTSSe films are composed of a single phase of kesterite
CZTSSe. In addition, these characteristic peaks slightly shift to lower values as the selenization time
increases, owing to the incorporation of Se in the CMZTSSe compound. It should be noted that the
Raman spectra are consistent with the XRD patterns, and some possible secondary phases (Cu2SnSe3,
SnSe2, SnSe, ZnSe, and MgSe) were observed. Furthermore, the phase change of the CMZTSSe films
did not occur with increasing selenization time from 10 to 20 min. It was concluded that the pure-phase
CMZTSSe films were successfully synthesized.

Figure 9a–d depicts the SEM surface images of CZTSSe annealed at 530 ◦C for 15 min (sample A)
and CMZTSSe films annealed at 530 ◦C for different times from 10 to 20 min (samples B1, B2, and B3),
respectively. As shown in Figure 9a, the surface of the sample A displays pin-hole free morphology and
small grain size between 500–800 nm, with a rough surface. Figure 9b shows the surface morphology
of sample B1, and it was clearly observed that the CMZTSSe film still consists of nanograins, where the
grain size is between 500 and 1000 nm with a large number of holes on the surface. As the annealing
time increased to 15 min, obvious morphological change is observed (Figure 9c), with the grains size
of sample B2 increasing sharply to the micron level (1.0–2.5 μm) and the surface becoming dense
and flat. By further extending the annealing time to 20 min, the surface morphology of sample B3
becomes rough but still dense, and the grains size slightly decreases to 0.8–1.3 μm. It was concluded
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that the optimal selenization time is 15 min, and the CMZTSSe films obtained at this time have the best
crystallinity, the largest crystal grain size, and their surfaces are dense and flat.

Figure 8. Raman spectra of the CMZTSSe films annealed for different times. Inset: The main Raman
peaks of A1 mode for CMZTSSe films annealed for different times.

Figure 9. SEM images of CZTSSe annealed at 530 ◦C for (a) 15 min and CMZTSSe films annealed at
530 ◦C for (b) 10 min; (c) 15 min; and (d) 20 min.

The EDS results of the films annealed for different times from 10 to 20 min (samples B1, B2, and
B3) are displayed in Table 5. It was found that by increasing the annealing time from 10 to 20 min,
the atomic percentage of S evidently decreases from 10.23% to 2.26%, the atomic percentage of Se
increases from 36.24% to 46.44%, and the ratio of Se/(Se + S) significant increases from 77.99% to 95.36%.
The ratios of Cu/(Zn + Mg + Sn) in all films were significantly larger than those in the precursor,
and the ratios of Mg/(Mg + Zn) in all films significantly decreased from 0.19 to 0.12 with increasing
annealing time from 10 to 20 min. These changes were ascribed the decrease of Mg content with the
increase of the annealing time, as shown in Table 5. Figure 10 represents the elemental composition
analysis of the films annealed for different times from 10 to 20 min. It can be clearly seen that the
atomic percentages of Se increase, while the atomic percentages of S decrease with the increase of
annealing time. Compared with the increase of Se content and the decrease of S content, the atomic
percentages of other elements (Cu, Zn, and Sn) changed only slightly. Furthermore, the changes were
irregular and almost negligible, and the changes had less effect on the crystal quality of CMZTSSe
films. According to the analysis of elemental composition, the change of selenization time mainly
affects the atomic percentages of Se and S elements, and has little effect on other elements.
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Table 5. EDS results of the CMZTSSe films annealed for different times from 10 to 20 min.

Sample
Time
(min)

Cu
(at%)

Zn
(at%)

Sn
(at%)

Mg
(at%)

S
(at%)

Se
(at%)

Se/(S +
Se)

Cu/(Zn +
Mg + Sn)

Mg/(Mg
+ Zn)

B1 10 29.66 9.88 11.60 2.39 10.23 36.24 77.99 1.24 0.19
B2 15 26.71 9.91 12.88 1.76 8.67 40.08 82.22 1.09 0.18
B3 20 29.81 8.49 11.43 1.18 2.26 46.44 95.36 1.41 0.12

Figure 10. EDS composition analyses of CMZTSSe films annealed for different times.

Microstructure, composition, and grain size have great influences on the crystal quality of
CMZTSSe, and the bandgaps are also crucial. According to the previous analysis, the change in the
ratio of Se/(Se + S) with the increase of selenization time significantly influences the crystal quality,
composition, and grain size. The effect of annealing time on the optical bandgaps of the CMZTSSe films
has been evaluated by a UV-vis-NIR spectrophotometer. The theoretical basis of bandgap calculation
is consistent with Formula 1. As shown in Figure 11, the bandgaps of the CMZTSSe films show a
declining trend (1.06–0.95 eV) with increasing annealing time from 10 to 20 min. The illustration of
Figure 11 displays the dependence of bandgaps on selenization time for CMZTSSe films. We can
clearly see that the values of bandgap are 1.06, 1.02, and 0.95 for sample B1, sample B2, and sample B3,
respectively. Combined with the analysis results of XRD, Raman, and EDS, the decline in bandgaps
with the increase of the selenization time is ascribed to the increase of elemental Se.

As shown in Table 6, the impacts of selenization time on the conductivity, carrier concentration,
and mobility of CMZTSSe (samples B1, B2, and B3) were investigated by Hall measurements at room
temperature. It was observed that the p-type conductivity of CMZTSSe was not changed with the
increase of annealing time from 10 to 20 min. As shown in Table 6, when the annealing time increased
from 10 to 15 min, the hole concentration of the CMZTSSe films increased obviously from 9.22 × 1017

to 6.47 × 1018 cm−3, the resistivity decreased from 6.18 × 100 to 2.85 × 10−1 Ω·cm, and the mobility
decreased from 1.09 × 100 to 3.31 × 10−1 cm2V−1s−1. Combined with the analysis results of SEM, by
increasing annealing time from 10 to 15 min, the grain size of CMZTSSe becomes bigger and the surface
becomes smooth and hole-free, which leads to the improvement of electrical performance. When the
annealing time increases from 15 to 20 min, the crystallinity of CMZTSSe films deteriorates, and hence
the hole concentration and resistivity decrease to 5.54 × 1017 cm−3 and 1.10 × 102 Ω·cm, respectively. It
was found that when the selenization temperature and selenization time are 530 ◦C and 10 min, the
best electrical properties of the films are obtained.
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Figure 11. The plot of (αhυ)2 vs. hυ for the absorption spectra. Inset: Bandgap variation as a function
of the selenization time.

Table 6. Electrical properties of the CMZTSSe films annealed for different times from 10 to 20 min.

Sample Temperature (◦C) Time (min) ρ (Ω·cm) n (cm−3)
μ

(cm−2V−1s−1)
Conduction Type

B1 530 10 6.18 × 100 9.22 × 1017 1.09 × 100 p
B2 530 15 2.85 × 10−1 6.47 × 1018 3.31 × 10−1 p
B3 530 20 1.10 × 102 5.54 × 1017 1.04 × 10−1 p

4. Conclusions

In summary, we have successfully fabricated pure-phase CMZTSSe films at different selenization
temperatures and selenization times through the sol–gel method. It was found that the properties of
CMZTSSe films are greatly affected by selenization temperature and selenization time. Combined
with the results of XRD, Raman, XPS, and EDS, it is clear that single-phase CMZTSSe films have been
synthesized at different selenization temperatures and times, and the content of Se increases gradually
while the content of S decreases gradually with increasing selenization temperature and selenization
time. The SEM results suggested that the crystal quality of CMZTSSe is the best at the optimal
selenization condition of 530 ◦C for 15 min, where the grain size reaches 1.0–2.5 μm. In addition, the
grain-boundary passivation due to the crystal quality improvement will result in the improvement of
electrical performance. The CMZTSSe films with p-type conductivity and high hole concentration
of 6.47 × 1018 cm−3 were obtained by selenization at 530 ◦C for 15 min. The Eg of CMZTSSe films is
decreased from 1.04 to 0.93 eV with increasing selenization temperature from 500 to 560 ◦C. When
selenization time is increased from 10 to 20 min, the Eg of CMZTSSe can be adjusted from 1.06 to 0.96 eV.
It is concluded that the structure, and optical and electrical properties of CMZTSSe will be optimal at
an optimized selenization temperature and selenization time of 530 ◦C and 15 min, respectively, which
will create an ideal absorber material for preparing higher efficiency kesterite solar cells.
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Abstract: The self-assembly of colloidal inorganic nanocrystals (NCs) offers tremendous potential for
the design of solution-processed multi-functional inorganic thin-films or nanostructures. To date,
the self-assembly of various inorganic NCs, such as plasmonic metal, metal oxide, quantum dots,
magnetics, and dielectrics, are reported to form single, binary, and even ternary superlattices with
long-range orientational and positional order over a large area. In addition, the controlled coupling
between NC building blocks in the highly ordered superlattices gives rise to novel collective properties,
providing unique optical, magnetic, electronic, and catalytic properties. In this review, we introduce
the self-assembly of inorganic NCs and the experimental process to form single and multicomponent
superlattices, and we also describe the fabrication of multiscale NC superlattices with anisotropic NC
building blocks, thin-film patterning, and the supracrystal formation of superlattice structures.

Keywords: BNSL; superlattice; self-assembly; colloidal nanocrystal; binary nanocrystal superlattice

1. Introduction

In the past decades, colloidal inorganic nanocrystals (NCs) have received considerable attention
in several research fields because of their interesting size-dependent properties, such as their quantum
confinement effect and localized surface plasmonic effect, which are not be observed in the bulk [1,2].
With extensive research efforts, there has been significant progress in the development of synthetic
methods for inorganic NCs, enabling the precise tuning of their size, chemical composition, crystallinity,
and shape, which is very important in controlling their properties. In addition to rendering unique
material properties to individual NCs, the self-assembly of NCs provides a “bottom-up” approach for
the fabrication of micro- or macroscale NC-based films with highly complicated nanostructures, which
are difficult to achieve through conventional lithography-based fabrication processes. Moreover, NC
building blocks enable solution-based, cheap, and scalable processes, which are highly beneficial for
industrial applications.

One of the most interesting applications of NC building blocks is the colloidal self-assembly of
NCs into ordered crystalline structures; that is, NC building blocks form various crystal structures,
including face-centered cubic (fcc), body-centered cubic (bcc), and hexagonal close packed (hcp)
structures, similar to how atoms or ions form crystalline structures [3,4]. More importantly, the use of
two different types of NCs can yield highly ordered binary NC superlattices (BNSLs) with various
packing structures, such as NaCl, MgZn2, and NaZn13, depending on the size and concentration
ratio [5]. BNSLs exhibit not only structural diversity for tuning NC–NC interactions through the choice
of NC constituents or packing symmetry, but also collective properties that are distinct from the sum
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of the individual characteristics. It is highly important to understand the self-assembly behavior of
NCs for the development of novel materials because of their superior controllability in material design.
In this review, we will broadly describe the self-assembly of colloidal NCs, including the fabrication
method, formation mechanism of self-assembly, structural diversity of BNSLs, and mesoscale structure
of self-assembled NC superlattices.

2. Self-Assembly of NCs

2.1. Methods for the Self-Assembly of NCs

Highly ordered NC superlattices can be prepared by the self-assembly of colloidal NCs. Mostly,
colloidal inorganic NCs are synthesized by the high-temperature solvothermal decomposition process,
which yields highly monodispersed NCs coated with alkyl chain ligands [6–8]. A few approaches have
been adopted to build highly ordered NC superlattices with the prepared NC building blocks. One of
the methods is simply drop-casting colloidal NCs in non-polar solvents such as hexane, toluene, or
chloroform onto a solid substrate and allowing them to dry for a couple of minutes [9]. When the solvent
evaporates, the NCs are densely solidified through various kinds of interactions including NC–NC
interactions (i.e., van der Waals force and electrostatic interaction) and ligand–ligand interactions (i.e.,
hydrogen bonding). In addition to the simple drop-casting method, the recrystallization method has
been used for the preparation of three-dimensional (3D) ordered NC superlattices by using a polar
solvent to destabilize NC dispersion in a non-polar solvent, as shown in Figure 1a–c [10,11]. As the
non-polar solvent slowly evaporates from the QD dispersion in the presence of the polar solvent, QDs
start crystallizing because of their decreased solubility in the solution. Consequently, 3D micro-sized
NC superlattices are formed because of van der Waals interactions between the NCs and the change in
free energy during the crystallization process.

Figure 1. (a) Dark field optical micrograph of colloidal crystals formed by 2 nm CdSe nanocrystals
(NCs) (Reproduced with permission from [10], Copyright American Association for the Advancement
of Science, 1995). Scanning electron microscope (SEM) images of self-assembled supercrystals of
(b) octahedral and (c) cubic Pt NCs (Reproduced with permission from [11]. Copyright American
Chemical Society, 2013). Schematic illustration of the self-assembly of NCs by (d) the slow evaporation
of NC solution under vacuum (Reproduced with permission from [12], Copyright American Chemical
Society, 2006). and (e) liquid–air interface assembly (Reproduced with permission from [13]. Copyright
Springer Nature, 2010). Scale bars in Figure 1b,c represent 500 nm and 200 nm, respectively.
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Another method for the self-assembly of NCs involves the slow evaporation of the solvent from
the NC solution, inducing the crystallization of the NCs [12]. As shown in Figure 1d, a substrate
(e.g., transmission electron microscope (TEM) grid or silicon wafer) is placed in a container with the
NC solution. Then, the container is placed in a chamber and tilted by 60–70◦. Next, the solvent is
slowly evaporated under a low-pressure vacuum at 45 ◦C. As the concentration of NCs in the solution
increases, it reaches the solubility limit of NCs in the solution, leading to the crystallization of NCs.
Consequently, a well-ordered NC superlattice is formed on the substrate. A similar approach has been
adopted to obtain NC superlattices at the liquid–air interface [13,14]. When NCs in non-polar solvents
such as hexane and toluene are drop-casted on top of an immiscible polar solvent (e.g., ethylene
glycol and diethylene glycol) in a well, followed by covering the top with a slide glass, the non-polar
solvent on top of the liquid substrate slowly evaporates, and as the concentration increases, NCs are
crystallized. Finally, a thin, long-range ordered NC film forms on top of the polar solvent, which is
then transferred to a solid substrate for characterization. An advantage of the liquid–air interface
self-assembly technique is that it yields uniform NC superlattice thin-films over a large area within a
short time.

2.2. Self-Assembly of Spherical NCs

When self-assembled, NCs form highly ordered superlattices, resembling the atomic crystal
structure; that is, self-assembled NCs can exhibit various packing symmetries including fcc and hcp,
which have the highest packing density (74%), and non-close packing symmetries such as bcc and
simple cubic (sc) symmetries with packing densities of 68% and 52%, respectively. When hard spheres
assemble, preferably, packing occurs with the highest free volume entropy, leading to close-packed
symmetries (i.e., fcc and hcp). Nonetheless, non-close packing symmetries, such as bcc and sc, are
also often observed for NC superlattices, which is hard to explain on the basis of the entropy-driven
assembly mechanism. Experimentally, it has been found that the softness of NCs, λ, which is defined
as the extended ligand length-to-core radius ratio, is a very important factor that must be considered in
the determination of the packing symmetries of NC superlattices [15]. This can be attributed to the
interplay between entropic and enthalpic effects in fcc and bcc symmetries [16–18]. When λ is small—or
in other words, when the ligand length is relatively short compared with the core radius—NCs act as
hard spheres and preferably adopt an fcc symmetry due to its larger enthalpic gain compared to that of
bcc. On the other hand, when λ is relatively large, NCs adopt a bcc symmetry because the entropic
effects from ligand packing become dominant.

To interpret the softness-dependent self-assembly behavior of NCs, various kinds of theoretical
models have been proposed. For example, on the basis of space filling between inorganic NC cores, two
different models have been proposed: the optimal packing model (OPM) [19] and overlap cone model
(OCM) [20]. The OPM postulates the densest packing of organic ligands along the NC core-to-core
axis. The self-assembly behavior of NCs can be successfully predicted with the OPM using λ as a
variable. For example, according to the OPM, the effective radius (ri) of NCs, which is half of the

core-to-core distance, can be expressed as ri = R(1 + 3ελ)
1
3 , where R is the inorganic NC core radius, ε

is the ratio of the maximum surface area occupied by a ligand to the actual surface area covered, and λ
is the ratio between the extended chain length to the core radius [19,21]. This formula can successfully
describe not only the NC–NC separation distance but also the λ required for the transition from fcc to
bcc. While the OPM fits three-dimensionally assembled NC superlattices well, the NC–NC separation
determined using the OPM formula cannot be well applied to low-coordinated NC superlattices. To
correct this flaw, the OCM has been proposed, wherein the truncated ligand cones intersect with each
other and maximize the packing density, resulting in a shorter interparticle distance than that in the
OPM. As shown in Figure 2, the OCM can successfully predict the interparticle distance between NCs
in low coordination.
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Figure 2. Scaled equilibrium distance τ vs. λ. When the surface ligands do not overlap each other,
τ = 1 + λ. Therefore, as the points or lines are more away from the solid line (τ = 1 + λ), it indicates more
overlapped surface ligands. (Reproduced with permission from [20]. Copyright American Institute of
Physics, 2009). OCM: Overlap cone model. OPM: Optimal packing model.

Later, the difference between the OPM and OCM was explained by Boles and Talapin, and they
attributed it to the many-body effect in NC superlattices [22]; that is, because soft organic ligands can
be deformed when there is another NC nearby, the NC–NC distance becomes smaller when NCs are
surrounded by a low number of NCs. On the other hand, NCs in high coordination exhibit a longer
NC–NC separation distance because of the limited deformability of the ligands, which shows good
agreement with the OPM rather than with the OCM. The presence of the many-body effect in NC
superlattices has led to the development of the orbifold topological model (OTM), which treats the
deformable ligand coronas as topological defects [23]. The OTM predicts the formation behavior of
BNSLs, the NC separation distance, and the stability of packing symmetries well.

Alkyl-chain based ligands on NC surfaces have been replaced by other organic materials to
diversify the phase diagram of NC superlattices. For example, polymeric ligands have been reported
to offer enriched NC packing symmetries [24] as well as enhanced mechanical stability [25]. Moreover,
polymeric ligand-coated NCs show a different self-assembly manner from that of conventional alkyl
chain-coated NCs. For example, it is well-known that alkyl-chain-coated NCs preferentially adopt a
bcc symmetry when λ is over 0.6–0.7 [15,16,19]. On the other hand, Yun et al. recently reported that
Au@PS nanoparticles adopt fcc packing symmetries even at a λ of 3.0, which was attributed to the
grafting density effect, wherein ligand penetration is limited around the NC surface, lowering the
“effective softness” of the nanoparticles and thereby leading to the formation of assemblies with fcc
symmetries. [26] The authors formulated the “effective softness”, λeff, as a function of grafting density
by including the concentrated polymer brush (CPB) regime as a part of the “hard core”, which was then
applied to the OPM and successfully predicted the effective nanoparticle (NP) radius more accurately
than the prediction by λ, as shown in Figure 3. Self-assemblies of DNA-coated NCs have been widely
demonstrated [27,28]. DNA-based ligands can be designed to control the ligand–ligand interaction,
which enables the programmable self-assembly of NCs. Dendrimers can also provide a wide range of
interparticle spacing by changing the dendritic generation grafted on the NC surface [29,30].
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Figure 3. Illustrations of (a) the conventional concept of softness (λ) of nanoparticles (NPs) and (b) the
concept of effective softness (λeff). (c) Effective softness variation as a function of grafting density
(Σ). (d) Comparison between the effective NP radius predicted by λ (blue triangle), λeff (green circle),
and experimental results obtained from transmission electron microscopy (TEM, orange diamond)
and grazing incidence x-ray scattering (GIXS, red square) (Reproduced with permission from [26].
Copyright American Chemical Society, 2019).

2.3. Self-Assembly of BNSLs

In addition to single-component NC superlattices, highly ordered NC superlattices, called BNSLs,
can be formed by using either a single type of NCs or a mixture of two different types of NCs with
different sizes [31], shapes [5], and properties [32]. For example, Redl et al. demonstrated the formation
of BNSLs using γ-Fe2O3 (magnetic) and PbSe (semiconducting) NCs with a precisely controlled size
and narrow size distribution [33]. By varying the size ratio and concentration ratio of the NCs, they
prepared BNSLs with various packing symmetries including AB2, AB5, and AB13. When the size
ratio (dPbSe/dγ-Fe2O3) was 0.58, AB2 and AB13 BNSLs were formed, and at a higher value of 0.63, AB5

BNSL was formed. This was a particularly interesting BNSL system because two different NCs with
independently tunable optical (PbSe) and magnetic (γ-Fe2O3) characteristics were employed, which
could enable the fine tuning of material properties. More importantly, BNSLs have enormous structural
diversity, as demonstrated by Shevchenko et al., wherein 15 different BNSL symmetries, such as NaCl-,
CuAu-, MgZn2-, MgNi2-, AlB2-, Cu3Au-, CaCu5-, and NaZn13-type (Figure 4), were observed [5].
BNSLs with various symmetries could be prepared using several types of NCs including Au, PbSe, Pd,
Ag, and γ-Fe2O3 with different sizes.
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Figure 4. Structural diversity of binary nanocrystal superlattices (BNSLs). (a) 13.4 nm g-Fe2O3 and
5.0 nm Au NCs (NaCl-type), (b) 7.6 nm PbSe and 5.0 nm Au NCs (CuAu-type), (c) 6.2 nm PbSe
and 3.0 nm Pd (AB-type), (d) 6.7 nm PbS and 3.0 nm Pd (AlB2-type), (e) 6.2 nm PbSe and 3.0 nm
Pd (MgZn2-type), (f) 5.8 nm PbSe and 3.0 nm Pd (MgNi2-type), (g) 7.2 nm PbSe and 4.2 nm Ag
(Cu3Au-type), h) 6.2 nm PbSe and 3.0 nm Pd (Fe4C-type), i) 7.2 nm PbSe and 5.0 nm Au (CaCu5-type),
(j) 5.8 nm PbSe and 3.0 nm Pd (CaB6-type), (k) 7.2 nm PbSe and 4.2 nm Ag (NaZn13-type), and (l)
6.2 nm PbSe and 3.0 nm Pd (cub-AB13-type). Scale bars represent 20 nm (a–c,e,f,i–l) and 10 nm (d,g,h).
(Reproduced with permission from [5]. Copyright Springer Nature, 2006).

The structure of BNSL thin-films are relatively stable in ambient conditions. There are studies
which report that the thermal stability of NCs can be significantly enhanced upon the formation of BNSL
compared with that of single-component NC films. For example, although FePt NCs are thermally
unstable and easily sintered [34], it was reported that the BNSL structure consisting of FePt and MnO
was preserved even after thermal annealing at 650 ◦C [35]. This could be attributed to the fact that the
presence of thermally stable MnO NCs around FePt NCs spatially confine them to prevent coalescence.
In addition to the thermal stability, the mechanical stability of BNSLs has been demonstrated, showing
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that the BNSLs can form free-standing membranes [13] and even monolayers [36]. Also, the membranes
are robust enough to enable pattern transfer [37].

To understand the formation mechanism of BNSLs, the change in the free energy of the system
must be taken into account. The free energy change is determined by NC–NC interactions as well as
the entropic change during the formation of BNSLs. In addition, as reported, during the formation of
opal crystals by micron-sized colloidal particles, the NCs self-assemble into well-ordered superlattices
even without the presence of NC–NC interactions, which is called “entropy-driven self-assembly”.
When colloidal particles form well-ordered arrays with the highest packing fraction, the system
obtains an additional free volume, which eventually leads to maximum entropy. In addition to the
entropy-based principle, the “space-filling principle”, which was proposed by Murray and Sanders [38],
can be used to describe the self-assembly behavior of BNSLs. For single-component hard spheres, the
highest packing symmetry is either fcc or hcp (both have a filling fraction of 0.74). When NCs with
two different sizes are assembled, BNSLs are formed with a packing fraction of over 0.74, which is
thermodynamically more stable than close-packed symmetries (i.e., fcc and hcp). Therefore, according
to the space-filling principle, targeted BNSL structures can be obtained by tuning the size ratio
between two different NCs. Figure 5 presents the phase diagram of BNSLs based on the space-filling
principle. As observed, each BNSL symmetry shows different packing fractions. Moreover, it has been
experimentally demonstrated that two different NCs can assemble into BNSLs with packing fractions
higher than those of close-packed structures (0.74), as shown in the phase diagram.

 

Figure 5. (a) Illustrations of different types of BNSL packing symmetries. (b) Phase diagram showing
the packing fraction of BNSLs as a function of size ratio. (Reproduced with permission from [22].
Copyright American Chemical Society, 2015).

It has been reported that BNSLs with both translational and rotational orders, and with rotational
order but without translational order, can be formed, which are called quasicrystals [39]. For example,
when a combination of 5 nm Au NCs and 13.4 nm Fe2O3 NCs was used for self-assembly, the
NCs formed BNSLs with a 12-fold rotational symmetry but without any translational symmetry
(dodecagonal quasicrystals). In this case, the size ratio was 0.34, wherein the CaB6 and AlB2 BNSLs
have the same packing fraction, indicating that both structures are thermodynamically stable. AlB2

and CaB6 BNSLs consist of triangular and square tiles, respectively, whereas quasicrystal structures
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contain periodic arrays of triangular and square tiles. Therefore, when the size ratio of 0.34 was
used, dodecagonal quasicrystals were formed through the periodic arrangement of BNSLs with both
symmetries (AlB2 and CaB6).

In addition to BNSLs, more complicated NC superlattices can be formed using more than two
types of NCs. For instance, in 2009, Vanmaekelbergh et al. demonstrated the formation of well-ordered
ternary NC superlattices using 12.1 nm PbSe NCs (A), 7.9 nm PbSe NCs (B), and 5.8 CdSe NCs (C): ABC4

(isostructural with AlMgB4) along with AB2 (AlB2) and BC2 (MgZn2) [40]. The detailed structure of the
ternary NC superlattice was confirmed by 3D electron tomography, as shown in Figure 6. Interestingly,
the packing fraction of the AlMgB4 ternary NC superlattice was 0.64, which was lower than those
of AlB2 (0.76) and MgZn2 (0.67). This was attributed to the fact that the ternary NC superlattice
was obtained not by the effects of entropy but rather by the combination of NC–NC interactions and
thermodynamic factors. To predict the most stable packing symmetry of NC superlattices, the total
energy must be calculated.

 

Figure 6. Transmission electron microscopy (TEM) image of the AlMgB4-type ternary superlattice
(PbSe(l)-PbSe(m)-CdSe(s)4 nanocrystal superlattice, l = large, m =medium, and s = small) in epitaxial
contact with the AlB2-type binary superlattice (PbSe(l)-CdSe(s)2). The TEM image and schematic show
the (100) planes of the ternary superlattice, in which PbSe (l, blue spheres), PbSe (m, green spheres), and
CdSe (s, red spheres) can be individually observed. (Reproduced with permission from [40]. Copyright
John Wiley and Sons, 2009.

Generally, BNSLs are grown as 2D thin films, depending on the fabrication method. In 2015, Murray
and Kagan et al. reported the fabrication of multiscale-patterned BNSLs by colloidal self-assembly
and transfer printing [37]. BNSL thin films are first fabricated from NC building blocks of various
materials such as metals, semiconductors, magnetics, and dielectrics by the liquid–air interfacial
assembly method; the BNSL thin films formed at the interface are then transferred onto patterned
polydimethylsiloxane (PDMS) molds by the Langmuir–Schaefer technique. During this process,
only the BNSL thin film on the raised region of the PDMS pattern is transferred; thus, patterned
BNSL nanostructures are obtained on the substrate. The transferred structures exhibit a mesoscale
order, while the BNSLs maintain the nanoscale order, resulting in multiscale hierarchical architectures.
Figure 7 shows the TEM and SEM images of a patterned BNSL film obtained by self-assembly and
transfer printing. The SEM images reveal the formation of mesoscale line patterns. The TEM images
reveal that the AlB2-type BNSL of Au and FeOx NCs is maintained after transfer printing, exhibiting
long-range order over a large area. The nanoscale BNSL structures can be readily tuned by changing
the size and composition of the NC building blocks, as previously described. In addition, the mesoscale
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pattern (circular or square arrays) of BNSLs can be tailored by changing the shape of the PDMS
molds. Moreover, the BNSL patterns can be stacked by layer-by-layer transfer printing, indicating
that the fabrication of complex BNSL structures is possible by sequential self-assembly and multiple
transfer printing.

 

Figure 7. Hierarchical BNSL nanostructures formed by liquid–air interfacial assembly and transfer
printing. (a–c) SEM images, and (d) low-magnification (inset: selected-area electron diffraction pattern)
and (e) high-magnification TEM images of patterned AlB2 BNSLs assembled from FeOx and Au NCs
(Reproduced with permission from [37]. Copyright American Chemical Society, 2017).

BNSL can be formed not only into 2D thin films but also into a 3D confined emulsion. For
example, Wang et al. reported the formation of colloidal BNSL supracrystals with various symmetries,
as shown in Figure 8 [41]. They demonstrated the preparation of BNSL supracrystals by oil-in-water
emulsion droplets of Au and Fe3O4 NCs followed by the evaporation of the oil phase, which induces
the co-crystallization of NCs into 3D confined BNSL structure. By controlling the ratio between Au
and Fe3O4 NCs, various BNSL symmetries such as AB2, AB3, and AB13-type symmetries could be
achieved. Recently, such 3D confined BNSL supracrystals of CoFe2O4-Fe3O4 have been reported to
have superior lithium storage properties compared with their single-component counterparts [42]. The
enhanced electrochemical properties were attributed to the non-close packed symmetry of the BNSL
supracrystals, which promoted better mass transport as well as endurance against volumetric changes
during lithiation and delithiation processes.
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Figure 8. (a) A TEM image of ico-NaZn13-type supracrystals. High-angle annular dark field scanning
TEM (HAADF-STEM) images of (b) AlB2-type supracrystals and (e) AuCu3-type supracrystals. (c,f) The
unit cells of the AlB2-type lattice and AuCu3-type lattice, and (d,g) their fat Fourier transformation
(FET) patterns. The scale bar in all the TEM images is 100 nm. (Reproduced with permission from [41].
Copyright American Chemical Society, 2018)

2.4. Self-Assembly of Anisotropic BNSLs

Various types of anisotropic NCs including rods, cubes, tetrahedrons, and plates have been reported.
Anisotropic NCs have received particular attention in optics [43], magnetics [44], catalysis [45], and
electronics. [46] Accordingly, considerable efforts have been made to prepare NC superlattices using
anisotropic NCs as building blocks, thereby maximizing the potential application of NCs. CdSe
nanorods are one of the most extensively studied anisotropic NCs for self-assembly because of their
shape-dependent light polarization properties. According to Talapin et al., when 1D CdSe nanorods are
self-assembled by controlling the dispersibility of nanorods, either nematic or smectic liquid crystals
are formed. [47] The formation of a long-range nanorod superstructure was attributed to a combination
of strong side-to-side van der Waals interactions, antiparallel side-by-side dipole pairing, and entropy
effects, which led to an increase in the free volume space, thereby achieving the highest packing density.
The self-assembly of anisotropic NCs of various materials including Au, CuxS, LaF3, β-NaYF4, and
GdF3 has been reported [48–52].

In addition to the superlattices of single components, the formation of BNSLs of multicomponent
anisotropic NCs has also been reported. For instance, in 2006, the formation of BNSLs was demonstrated
using LaF3 triangular nanoplates (9 nm side) and 5 nm spherical Au NCs [5]. Also, AB2-type BNSLs
could be also fabricated by the combination of Fe3O4 NCs and spherical β-NaYF4 nanorods as building
blocks [53]. The experimentally obtained results were compared with Monte Carlo simulation results,
and it was found that the ligand–ligand interaction and depletion attraction caused by the extra
ligands around the NCs affected the formation of BNSLs of anisotropic NCs. In addition, on the
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basis of the space-filling principle and size ratio-dependent self-assembly behavior, it was found that
entropy-driven free energy maximization determined the BNSL symmetry, leading to the formation of
BNSL structures with the highest packing density.

Moreover, BNSLs consisting of two different anisotropic NCs, LaF3 nanodisks (2 nm thickness and
15–25 nm diameter) and CdSe-CdS nanorods, have been reported [54]. In this work, NCs dispersed in
hexane were drop-casted on top of diethylene glycol (immiscible with hexane) and slowly dried at
the liquid–air interface, yielding highly ordered BNSL structures. In particular, because of the shape
anisotropy of these NCs, they showed shape-selective interactions. The nanodisks self-assembled
to form a stacked columnar structure through face-to-face van der Waals interactions, yielding a
2D hexagonally packed liquid crystalline structure, as presented in Figure 9a. On the other hand,
the 1D nanorods assembled to form smectic lamellar liquid crystalline structures via side-by-side
van der Waals interactions (Figure 9b). Moreover, during the self-assembly of the two different
anisotropic NCs, the nanorods vertically aligned to fill the interstitial sites between the hexagonally
packed columnar structure of the nanodisks, filling the hierarchically assembled BNSL structure, as
shown in Figure 9c. It was found that AB-, AB2-, and AB6-type BNSL structures could be formed
depending on the size and concentration ratio between the nanodisks and nanorods. This phenomenon
further confirms that the BNSL structure is formed to maximize the packing fraction of NCs in the
system, similar to the formation principle of spherical BNSL structures. This reveals a particularly
interesting aspect of the formation of anisotropic NC-based BNSLs: the entropic factor affects the
final packing symmetry of BNSLs of anisotropic NCs even while the orientation is controlled. This
result indicates that the formation of BNSLs of anisotropic NCs is more complicated; therefore, the
directional order, van der Waals interactions between the NCs, and entropic effects must be taken into
consideration. In addition to BNSLs, ternary NC superlattices comprising three different anisotropic
NCs (i.e., nanorods and two different nanodisks) were reported by the authors.

 

Figure 9. TEM images of binary superlattices of two anisotropic NC building blocks. (a) LaF3 nanodisks,
(b) CdSe/CdS nanorods, and (c) AB2 BNSLs of LaF3 nanodisks and CdSe/CdS nanorods. Inset is
the illustration of the BNSL structure. Reproduced with permission from [54]. Copyright American
Chemical Society, 2015.
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Interestingly, anisotropic NCs can be self-assembled through selective interaction, depending on
their shape, in a similar way to puzzles, which was previously demonstrated in lock and key colloids.
In 2013, a shape-complementary BNSL structure comprising GdF3 rhombic nanoplates and Gd2O3

tripodal nanoplates was reported [55]. In this case, the side length and interior angle of the rhombic
nanoplates were precisely controlled to be close to those of the tripodal nanoplates. Subsequently,
the two different anisotropic NCs were assembled into interlocked BNSLs on the basis of shape
complementarity. This work demonstrates that the self-assembly of shape-complementary anisotropic
building blocks may provide a unique design rule to direct the formation of BNSL thin films over a
large area with high complexity in a predictable way.

3. Perspectives

The self-assembly of colloidal NCs offers significant potential for sophisticated, novel material
design because of their structural diversity and the variety of material choices, as well as the formation
of complicated structures. Since NC–NC interactions can be more effectively tuned through the
formation of various types of BNSL structures than those of single-component NC superlattices, a
larger variety of novel material characteristics can be achieved. Many reports have been published
describing the methods of formation, the mechanism, and the structural characterization of NC
superlattices. Although structure dependent, synergistic collective interactions between NCs in BNSLs
are reported in electronics [56–58], optics [59], catalysis [32], and magnetics [56]; however, a limited
number of studies on the intrinsic material properties of highly ordered NC superlattices, particularly
the BNSLs, have been performed so far.

To achieve the full potential of BNSL-based materials, it is necessary to obtain an in-depth
understanding of complicated NC–NC interactions within various BNSL structures. For example,
some NC–NC interactions can occur over a few nanometers, while energy or electron transfer between
NCs exponentially decreases due to the presence of surface ligands on NC surfaces. Therefore, it
is important to reduce the distance between NCs while preserving the BNSL structures in order to
enhance the interaction between NCs. The development of a fabrication method of BNSLs using
NCs which their ligands are stripped or exchanged to short-chain ligands will enable BNSLs to be
applied in many emerging fields. Moreover, through the multiscale fabrication method of BNSLs,
synergistic effects between mesoscale structural effects and collective properties of BNSLs may be
realized. For examples, mesoscale patterns of BNSLs may add mesoscale photonic effects to the
collective properties of BNSLs. In addition, BNSL supracrystals may be utilized in the application of
biomedical imaging agents.

In terms of processing, it is imperative to develop large-area-BNSL formation techniques for the
commercialization of BNSL-based novel materials. Although the facile and high-throughput fabrication
method of large-area BNSL structures are demonstrated [60], there are many experimental difficulties to
forming large-area, uniform superlattice thin-films. Therefore, the undertaking of systematic studies to
understand the effect of self-assembly conditions, including the choices of the building blocks and the
concentration of NCs on the formation of defect-free, long-range ordered BNSLs, would be important.
If the fabrication of uniform large-area NC thin films can be realized, more accurate material analysis
can be performed to identify BNSLs with outstanding material properties, eventually promoting the
application of NC thin films for the development of novel materials in several industrial fields.
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Abstract: A hollow nanostructure is attractive and important in different fields of applications, for
instance, solar cells, sensors, supercapacitors, electronics, and biomedical, due to their unique structure,
large available interior space, low bulk density, and stable physicochemical properties. Hence, the
need to prepare hollow nanotubes is more important. In this present study, we have prepared CuCrO2

hollow nanotubes by simple approach. The CuCrO2 hollow nanotubes were prepared by applying
electrospun Al2O3 fibers as a template for the first time. Copper chromium ions were dip-coated
on the surface of electrospun-derived Al2O3 fibers and annealed at 600 ◦C in vacuum to form
Al2O3-CuCrO2 core-shell nanofibers. The CuCrO2 hollow nanotubes were obtained by removing
Al2O3 cores by sulfuric acid wet etching while preserving the rest of original structures. The structures
of the CuCrO2-coated Al2O3 core-shell nanofibers and CuCrO2 hollow nanotubes were identified
side-by-side by X-ray diffraction, field emission scanning electron microscopy, and transmission
electron microscopy. The CuCrO2 hollow nanotubes may find applications in electrochemistry,
catalysis, and biomedical application. This hollow nanotube preparation method could be extended
to the preparation of other hollow nanotubes, fibers, and spheres.

Keywords: electrospinning; CuCrO2; hollow nanotube; Al2O3 template; one-dimensional structures

1. Introduction

One-dimensional (1D) nanostructure materials such as nanotubes, nanobelts, and nanofibers have
attracted wide interest in nanoscience and technology [1]. Regulating the size and shape of synthesized
nanomaterials is of great technological interest nowadays. Particularly, hollow nanostructures have
received considerable attention due to their high surface areas and structural uniqueness, thus they
have been extensively applied in many fields, such as sensors, dye-sensitized solar cells, catalysts,
supercapacitors, photoelectrochemical cells, electronics, and biomolecule devices. Hence, different
approaches have been used in the development of hollow nanotubes and nanofibers for large-scale
synthesis [2,3]. One of such structural approaches is electrospinning which has been widely applied to
synthesize nanofibers from a variety of oxide materials [4].

Electrospinning is a fiber formation method that uses self-repulsion effect, which induces an
electrostatic charge on a precursor material to stretch the liquid in an electric field into fiber structure.
The dimension of fiber diameter ranges from tens nanometer to few micrometers [5]. In the past few
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years, it has been an effective method to prepare polymer-based nano- or microfibers. Different kinds
of polymers have been successfully electrospun from melts or solutions into ultrathin fibers [6]. Up to
date, the preparation of nanofibers with solid cross-sections has been studied [7,8].

P-type transparent conducting oxides with delafossite structure has been demonstrated with
potential applications in various fields including organic photovoltaic (OPV) devices [9], perovskite
solar cells [10], antibacterial surface [11], gas sensors [12], solid propellants [13], etc. The delafossite
structure of copper-based catalysts also has great importance in catalytic steam reforming of methanol
to hydrogen production and heterogeneous catalysis for chlorine production due to their high thermal
stability, fine porous structure, high surface area, high selectivity, and excellent activity at low
temperature. Besides, copper delafossite materials are more stable than Ru, Pd, Au, and Pt catalyst at
the steam reforming process [14–16]. Cu-based delafossites have been reported including CuAlO2 [17],
CuFeO2 [18], CuGaO2 [19], CuInO2 [20], CuScO2 [21], CuCrO2 [22], and Mg-doped CuCrO2 [23,24].
The chemical formula of delafossite structure is that of a ternary oxide A+B+3O2. According to the
report, the delafossite structure of CuCrO2 has a wide bandgap of 3.1 eV and highest conductivity
among all types of semiconductors [25]. Hence, CuCrO2 and CuAlO2 have drawn considerable
attention in optoelectronic devices [26,27]. The delafossite material consists of two alternating sheets: a
planar layer of triangular-patterned cations (A) and a layer of edge-sharing BO6 octahedrons flattened
with respect to the c-axis. Depending on the orientation of layer stacking, two polytypes of delafossite
oxide can be created. Considering the morphological effects, catalyst with hollow tube structure shows
very promising potential because of the highly selective catalytic reaction. For example, ZSM-5/SiO2

hollow structure catalyst selectively increases the paraxylene from the 24% to 89.6% in xylene in
methanol-to-aromatics conversion [28]. A single-wall carbon nanotube/iron tetraphenyl porphyrin
composite sensor shows a selectively high response toward xylene among benzene and toluene [29].
Carbon nanotube pores (CNTP) show potential to be used as next-generation water purification
technologies because CNTP provides high selectivity of water and anions [30]. Further, a porous
hollow tube CeO2/Au@SiO2 nanocatalyst exhibited excellent catalytic activity toward 4-nitrophenol
reduction [31]. Platinum (Pt) functionalized NiO hollow tube exhibited remarkable selectivity of
C2H5OH sensing against CO and H2 gases [32]. The hollow structure of CuO@SiO2 exhibits excellent
catalytic activities toward CO and NO oxidation compared with individual CuO and SiO2 [33]. Besides,
carbon nanotube catalyst could raise the selectivity of H2 production rather than CO [34].

However, nanotube with hollow cross-sections are challenging to fabricate because of multi-step
treatments (e.g., a template process) or specially designed instrumentation facilities (e.g., for
co-electrospinning with coaxial capillaries) [35]. Nanofiber (7.85 m2/g) [36] or nanopowder structures
(30.92 m2/g) [37], such as hollow nanotubes (136 m2/g), have a higher surface-to-volume ratio and higher
porosity, which are favorable for adsorption in catalysis [38]. Hence, developing a simple approach
to obtain hollow nanotubes is of great importance. [36,39]. In this study, the main objective was to
explore the use of Al2O3 microfibers as a template to prepare a core-shell structure of Al2O3-CuCrO2

by immersion in Cu-Cr-O precursor solution. The alumina structure was then removed by etching in
H2SO4 to form the CuCrO2 hollow nanotubes.

2. Materials and Methods

All the high-purity chemicals used in this experiment were obtained from Sigma Chemical Co,
Taiwan. The electrospun Al2O3 microfibers precursor was prepared by the electrospinning method.
Typically, the precursor solution was prepared by dissolving aluminum nitrate (Al(NO3)3 9H2O) into
14.4 mL of dimethylformamide (DMF) solvent to make a 0.04 M metal source solution. Then, 2.4 g
polyvinylpyrrolidone (Mw = 1,300,000) was mixed into the aforementioned prepared metal source
solution followed by constant stirring for 6 h. Finally, a viscous gel-like precursor solution of Al2O3

was obtained. The Al2O3 precursor solution was loaded into a horizontal programmable syringe
pump. A schematic image of the fundamental electrospinning process is illustrated in Figure 1. An
ordinary electrospinning set-up, a high-voltage source is combined with the metallic needle, which is
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connected to a syringe pump. This syringe pump was connected with Teflon tube (length = 125 mm,
diameter = 4.2 mm) for conventional electrospinning setup. During the electrospinning process, the
precursor solution was placed in a 10 mL syringe equipped with a stainless steel needle (ID = 0.5 mm).
A voltage of 20 kV was applied to the stainless steel needle tip, and the collector was fixed at a
distance of 16 cm from the needle tip with the flow controlled at 0.02 mL/h. The electrospun Al2O3

precursor was distributed uniformly over the collector to form Al2O3 precursor fibers (Step 1). After
the electrospinning, the electrospun Al2O3 precursor fibers were heated at a rate of 5 ◦C/min to the
annealing temperature of 600 ◦C in a high-temperature furnace at air atmosphere and then held at that
temperature for 2 h, after which Al2O3 nanofibers were formed (Step 2) and the diameter of the Al2O3

nanofibers is <100 nm.

 

Figure 1. Schematic illustration of electrospinning preparation of as-spun fiber.

2.1. Preparation of CuCrO2 Hollow Nanotube

Copper (II) acetate, chromium (III) acetate, and ethanolamine were dissolved in ethylene glycol
monomethyl ether (30 mL) to obtain 0.2 M precursor. The prepared solution was stirred for 24 h to
obtain a well-mixed solution without impurities. Al2O3 microfibers were dipped in Cu-Cr-O ion
solution up to 3 sec to deposit Cu-Cr-O ions on the fiber surfaces and form an Al2O3-Cu-Cr-O core
(Step 3). The Cu-Cr-O ions deposited on Al2O3 fibers were dried at 80 ◦C on a hotplate for 2 min. Then
the coated fibers were annealed at 600 ◦C in vacuum (Step 4). After that, the prepared nanofibers were
etched with 2 M H2SO4 to remove the Al2O3 and other minor impurities from the fibers (Step 5) [39].
The nanofibers were repeatedly rinsed with DI water and a centrifuge was used to separate the liquid
and fibers. Finally, the collected nanofibers were dried in an oven at 80 ◦C to form CuCrO2 hollow
nanotube (Figure 2).

Figure 2. Schematic illustration of CuCrO2 hollow nanotubes fabrication process.
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2.2. Characterization

The crystallized phase of Al2O3 microfibers and CuCrO2 hollow nanotubes was characterized
with an X-ray diffractometer (XRD, D2 Phaser, Bruker) with Cu Kα radiation (λ = 0.15418 nm) from
20◦ to 80◦, a working voltage of 30 kV, and current of 10 mA. The thermal decomposition behavior of
the as-spun fibers was identified using a thermogravimetric analysis/differential scanning calorimeter
(TGA/DSC, STA 449 F5, NETZSCH) at a heating rate of 10 ◦C/min. The surface morphology and
structure of the nanofibers were observed by field emission scanning electron microscopy (FE-SEM,
Hitachi S-4700) SEM 15 kV, 10 cm SEI detector, and nanotubes were identified by transmission electron
microscopy (TEM, JEM-2100F, JEOL) operated at a working voltage of 200 kV, working current was10
μA and chamber was about 1.0 × 10−6 to 3.0 × 10−6 torr. The composition hollow nanotubes were
confirmed by JOEL JEM2100F type scanning transmission electron microscope (STEM) attached with
an energy dispersive spectrometer (EDS).

3. Results

3.1. TGA Analysis

The TGA/DSC analysis of the Al2O3 electrospun fibers studied at a heating rate of 10 ◦C/min
in air is shown in Figure 3. Two discrete regions of electrospun fibers weight loss occurred at about
135 ◦C and 300 ◦C. The weight loss at around 135 ◦C could be attributed to DMF solvent. Exothermic
peaks at 300 ◦C with a large weight loss of ~80% corresponded to the decomposition of nitrate, PVP
polymer, and other minor organic constituents during the burning combustion. For temperature
higher than 600 ◦C, there was almost no change in the TGA curve, which confirmed that the complete
decomposition of organic materials and polymer during the formation of Al2O3 fibers [40–43].

Figure 3. Thermogravimetric-derivative thermal analysis of as-spun Al2O3 precursor microfibers
recorded in air at a heating rate of 10 ◦C/min.

3.2. X-ray Diffraction Investigation

Figure 4 shows the XRD analysis of annealed Al2O3 fibers prepared by electrospinning method.
The Al2O3 fibers were fabricated following the process mentioned in the last section with thermal
annealing at elevated temperature for 2 h. We found no distinct diffraction peak for the as-spun
fibers, but after the fibers were annealed at 600 ◦C, a clear amorphous phase was found. The XRD
pattern indicated that the Al2O3 fibers became crystallized when the annealing temperature was over
800 ◦C [44].

Figure 5 shows the XRD pattern of Al2O3 fibers with copper chromium ions deposited on the
surfaces after annealing in vacuum at 600 ◦C for 30 min and 60 min, and at 700 ◦C for 30 min. The fibers
were composed of an Al2O3 core and the copper chromium ion solution. The XRD studies show the
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peaks of Al2O3 for the fibers annealed at 600 ◦C for 60 min. It is presumed that the prolonged annealing
time caused the crystallization of alumina [39,44].

Figure 4. XRD patterns of electrospun Al2O3 precursor fibers annealed for 2 h in the air at various
temperatures (600 ◦C–800 ◦C).

Figure 5. XRD patterns of Al2O3 microfibers with copper chromium oxide deposited on the surfaces
after annealing at 600 ◦C and 700 ◦C in vacuum.

Figure 6 shows the XRD pattern of Al2O3 fibers with copper chromium ion solution deposited
on the surfaces after annealing at 600 ◦C for 30 min in vacuum followed by leaching with 2M H2SO4

solution due to the strong acid and without the formation of impurities. That solution was employed
because Al2O3 is an amphoteric oxide and reacts with both acid and alkaline solutions. From comparing
Figure 6 with Figure 5, it is clear that the main phase of CuCrO2 can be clearly seen in the XRD pattern
after the acid immersion. For comparison, NaOH solution was also used to remove alumina cores.
As can be seen from the figures, after immersion of the fibers in NaOH solution, only the CuO phase
remain while the chromium oxide disappeared. Therefore, we concluded that Al2O3 fibers with copper
chromium ion solution deposited on the surfaces could be treated with 2M H2SO4 solution and DI
water to obtain CuCrO2 hollow nanotube [39].
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Figure 6. XRD patterns of Al2O3 microfibers with copper chromium oxide deposited on the surfaces
after annealing at 600 ◦C in vacuum followed by leaching with 2M H2SO4 and NaOH solution.

3.3. SEM Analysis

The SEM micrographs of as-spun Al2O3 precursor fibers have fine cylindrical with smooth surface
morphology and shows in Scheme 1 [41]. Besides, the SEM image of Al2O3 electrospun fibers annealed
for 2 h in air at 600 ◦C and 800 ◦C are presented in Figure 7. The morphology of the fibers reveals
that the Al2O3 fibers have continuous, one-dimensional structure and that the diameter of each Al2O3

fiber is <100 nm. The morphology and dimension of Al2O3 fibers are essentially similar in the case of
annealing temperature of 600 ◦C and the counterpart in 800 ◦C.

 

Figure 7. SEM images of electrospun Al2O3 microfibers annealed for 2 h at (a) 600 ◦C and (b) 800 ◦C.

Figure 8 shows the morphology of Al2O3 fibers immersed in copper chromium ion solution and
then dried for 2 min at 80 ◦C on a hotplate. After that, the Al2O3-CuCrO2 fibers were annealed in vacuum
at 600 ◦C for 30 min (Figure 8a) and 60 min (Figure 8b), and at 700 ◦C for 30 min (Figure 8c). The surfaces
of the fibers are smooth, and there is no specific change compared with calcined amorphous Al2O3

fibers. The copper chromium ion precursor solution, composed of mixed copper acetate, chromium
acetate, and ethanolamine, was dissolved in ethylene glycol monomethyl ether.

Figure 9 shows a SEM image of Al2O3-CuCrO2 nanofibers after immersion in 2M H2SO4 and
oven-drying at 80 ◦C for 1 day. As can be seen from the SEM morphology, there is a hollow-like
structure at the tip of the CuCrO2 nanotubes etched by 2M H2SO4. It was inferred that the Al2O3 core
was mostly removed by the H2SO4 solution and remaining impurities were removed by DI water.
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Figure 8. SEM images of Al2O3-CuCrO2 nanofibers annealed at 600 ◦C for (a) 30 min, (b) 60 min, and
at 700 ◦C for (c) 30 min.

 

Figure 9. SEM images of CuCrO2 hollow nanotubes after removal of Al2O3 core and impurities by 2M
H2SO4 for 2 days and DI water.

3.4. TEM Analysis

To identify the structure of the CuCrO2 hollow nanotubes synthesized by annealing and followed
by chemical etching, TEM was used to further confirm the hollow structures of the nanotubes.
The nanotubes were formed by using Al2O3 fiber as a template and depositing copper chromium ions
on the tube surfaces so that the inner core was Al2O3. As shown in TEM image in Figure 10, the inner
template of Al2O3 was completely etched away by 2M H2SO4 solution. The inner diameter of the
nanotubes was about 70 nm, which is consistent with the diameter of Al2O3 fiber. The tube wall which
consists of CuCrO2 features a thickness of several tens of nanometer [39]. These results indicate that
the chemical etching method was successful in making CuCrO2 hollow nanotubes. Based on previous
report, CuCrO2 hollow nanotubes have more porous cavity than none-hollow CuCrO2 nanofibers due
to annealing condition [10].
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Figure 10. TEM images of the CuCrO2 hollow nanotubes.

3.5. STEM Analysis

Figure 11a shows a STEM image of CuCrO2 hollow nanotube formed by annealing and chemical
etching. The average diameter of the CuCrO2 hollow nanotube was about 100 nm and that of the center
hollow was approximately 20 nm. These results exhibit that the chemical etching method succeeded in
producing hollow nanotube. The STEM-EDS signals of CuCrO2 nanotube showed the presence of
(Figure 11b) Cu, (Figure 11c) Cr, and (Figure 11d) O. Besides, the STEM-EDS spectrum showed higher
numbers of atoms present in the tube edge than inside the cavity, which clearly shows the successful
formation of the CuCrO2 hollow nanotubes.

 
Figure 11. (a) STEM image of the CuCrO2 hollow nanotube, (b) Cu, (c) Cr, (d) O.
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4. Conclusions

CuCrO2 hollow nanotubes were successfully prepared by our proposed method using electrospun
Al2O3 fiber as core template. The amorphous Al2O3 fibers were prepared by annealing the as-spun
alumina precursor fibers at 600 ◦C for 2 h. These continuous and one-dimensional fibers were then
deposited with CuCrO2 precursor and formed CuCrO2 cladding layer by thermal annealing at 600 ◦C
for 30 min. After removing amorphous Al2O3 core fibers by using H2SO4, CuCrO2 nanotubes with an
inner diameter of 70 nm and tube wall thickness of 30 nm were obtained. This work demonstrated a
simple solution-based approach for the synthesis of oxide nanotubes and could be further extended to
synthesize oxide materials with various complicated hollow structures.
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Abstract: The electrical and optical properties of the hole transport layer (HTL) are critical for organic
and halide perovskite solar cell (OSC and PSC, respectively) performance. In this work, we studied
the effect of Mg doping on CuCrO2 (CCO) nanoparticles and their performance as HTLs in OSCs
and PSCs. CCO and Mg doped CCO (Mg:CCO) nanoparticles were hydrothermally synthesized.
The nanoparticles were characterized by various experimental techniques to study the effect of Mg
doping on structural, chemical, morphological, optical, and electronic properties of CCO. We found
that Mg doping increases work function and decreases particle size. We demonstrate CCO and
Mg:CCO as efficient HTLs in a variety of OSCs, including the first demonstration of a non-fullerene
acceptor bulk heterojunction, and CH3NH3PbI3 PSCs. A small improvement of average short-circuit
current density with Mg doping was found in all systems.

Keywords: Mg doped CuCrO2; hole transport layer; organic solar cells; perovskite solar cells

1. Introduction

With continued increase in power conversion efficiency (PCE), organic and perovskite solar
cells (OSCs and PSCs, respectively) are promising for low cost clean electricity generation [1–3].
Further enhancing the PCE of OSCs and PSCs requires not only the development of better absorber
materials, but also suitable transport layer materials. In OSCs and PSCs, the absorber is sandwiched
between an electron transport layer (ETL) and a hole transport layer (HTL), whose primary functions
are to set up the built-in field across the absorber and selectively extract their respective carriers,
while blocking the other type of carriers. In bulk heterojunction (BHJ) OSCs, the photogenerated
excitons dissociate at the donor/acceptor interface to charged carriers. In PSCs, photoabsorption
directly generates electrons and holes. These carriers then drift in opposite directions due to the
built-in electric field, and travel through the transport layers to the electrodes [4]. Thus, both
ETL and HTL play an important role in carrier extraction and device performance. For effective
hole extraction from the absorber, the material used as HTL should possess good optical and
electrical properties in addition to good physical and chemical stability. Extensive studies have been
devoted to organic materials, such as poly(3,4-ethylenedioxythiophene) polystyrene sulfonate and
2,2′,7,7′-Tetrakis[N,N-di(4-methoxyphenyl)amino]-9,9′-spirobifluorene, as HTLs [5–7]. However, these
materials are expensive and degrade under air exposure [8,9]. Alternatively, metal oxides are shown to
be promising candidates for HTL due to their low cost and improved stability [10]. Commonly used
metal oxides are MoOx and WO3 [11,12], but these n-type semiconductors do not block electrons [13,14].
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Among p-type HTLs, NiOx has been shown to have promising performance [15,16]. However, it suffers
from low conductivity and high visible light absorption [17,18]. Therefore, developing new inorganic
p-type HTLs is crucial to achieve highly efficient and stable devices.

Delafossite (AMO2; A = Cu1+ or Ag1+ and M is a trivalent metal) compounds are p-type oxides
and have drawn significant interest since Kawazoe et al. reported CuAlO2 as a transparent oxide with
room temperature conductivity up to 1 S cm−1 [19]. Since then, many Cu-based delafossites have been
synthesized with M = Al, Sc, Cr, Mn, Fe, Co, Ga, and Rh [20]. CuCrO2 (CCO) is particularly attractive
due to its high conductivity [21]. Theoretical calculations and X-ray photoelectron spectroscopy (XPS)
studies showed that Cu d states are dominant at the valence band maximum (VBM) and the intrinsic
CCO conduction is through a CuI/CuII mixed valence hole mechanism [22,23]. The size of CCO
nanoparticles can be very small, ~10 nm [24,25]. In solar energy harvesting, it was first used in p-type
dye sensitized solar cells (DSSCs) [25]. Moreover, CCO has been shown as a promising HTL in OSCs
and PSCs [24,26–29]. To further increase the hole concentration, efforts have been made to replace
the trivalent Cr3+ cation with a divalent dopant such as Ni2+, Mg2+, or Zn2+ [30–32]. In particular,
Mg has been shown to be an excellent dopant to increase CCO conductivity [22,31,33]. Theoretical
calculations showed that Mg doping induces low-formation energy defects just above the VBM in
CCO and introduces new Cu d states in the bandgap, thus leading to a CuI/CuII mixed valence and
higher conductivity [22,33]. Compared with Be and Ca, defect states introduced by Mg are closest to
the VBM, making it a more effective dopant [34]. Several experimental studies also confirm that Mg
doping increases electrical conductivity [31,35–37]. In p-type DSSCs, Mg doped CCO (Mg:CCO) has
performed superior to undoped CCO [38,39].

Based on our results of using undoped CCO as HTL in OSCs [24] and PSCs [27], we hypothesized
that Mg:CCO could further improve the solar cell performance. Mg:CCO has not been applied as
HTL in OSCs and, to our knowledge, there is only one report of using Mg:CCO as HTL in PSCs [40].
In this work, we examine the effect of Mg doping on CCO nanoparticles and their performance as
HTLs in OSCs and PSCs. The CCO and Mg:CCO nanoparticles are synthesized by a hydrothermal
method. The influence of Mg doping on structural, chemical, morphological, optical, and electronic
properties of CCO films are carefully characterized by X-ray diffraction (XRD), energy-dispersive X-ray
spectroscopy (EDX), transmission electron microscopy (TEM), dynamic light scattering (DLS), X-ray
photoelectron spectroscopy (XPS), scanning electron microscopy (SEM), ultraviolet–visible (UV-vis)
absorption spectrometry, photo-electron spectroscopy in air (PESA), and Kelvin probe (KP) techniques.
Finally, spin-coated CCO and Mg:CCO nanoparticle films are used as HTLs in three different BHJ
OSCs and methylammonium lead iodide (MAPbI3) PSCs. Time-resolved photoluminescence (TRPL) is
applied to probe charge transfer between MAPbI3 and HTL, and XPS is used to examine elemental
diffusion. This is the first work to apply Mg:CCO nanoparticle films as HTLs in OSCs and the first
demonstration in a non-fullerene acceptor BHJ system.

2. Materials and Methods

The chemicals used in this study included copper(II) nitrate hemipentahydrate (Cu(NO3)2·2.5
H2O, Alfa Aesar, ACS, 98.0–102.0%, Tewksbury, MA, USA), chromium(III) nitrate nonahydrate
(Cr(NO3)3·9 H2O, Alfa Aesar, 98.5%, Tewksbury, MA, USA), magnesium nitrate hydrate (Mg(NO3)2,
Avocado Research Chemicals, 99.999%, London, United Kingdom), sodium hydroxide (NaOH, Sigma
Aldrich, ≥97.0%, St. Louis, MO, USA), hydrochloric acid (HCl, Fisher Scientific, 37%, Houston,
TX, USA), ethanol (EtOH, Fisher Chemical, anhydrous, Houston, TX, USA), 2-methoxyethanol
(2-MOE, Acros Organics, 99+%, Houston, TX, USA), acetone (Fisher Chemical, certified ACS,
Houston, TX, USA), 2-propanol (IPA, Fisher Chemical, certified ACS plus, Houston, TX, USA),
poly(3-hexylthiophene-2,5-diyl) (P3HT, Rieke Metals, LLC, ≥96%, Lincoln, NE, USA), [6:6]-phenyl
C61-butyric acid methyl ester (PC61BM, Solenne BV, >99%, Groningen, The Netherlands), [6,6]-phenyl
C71-butyric acid methyl ester (PC71BM, Solenne BV, >99%, Groningen, The Netherlands),
poly(5-bromo-4-(2-octyldodecyl)-selenophen2-yl)-5,6-difluorobenzothiadiazole-5,5′-bis-
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(trimethylstannyl)-2,2′-bithiophene (PFBT2Se2Th), poly[4,8-bis(5-(2-ethylhexyl)thiophen-
2-yl)benzo[1,2-b;4,5-b’]dithiophene-2,6-diyl-alt-(4-(2-ethylhexyl)-3-fluorothieno[3,4-b]thiophene-)-2-
carboxylate-2-6-diyl)] (PTB7-Th, Luminescence Technology Corp., New Taipei City, Taiwan),
3,9-bis(2-methylene-(3-(1,1-dicyanomethylene)-indanone))-5,5,11,11-tetrakis(4-hexylphenyl)-
dithieno[2,3-d:2′,3′-d’]-s-indaceno[1,2-b:5,6-b’]dithiophene (ITIC, 1-Material Inc., Dorval, QC, Canada),
chlorobenzene (CB, Sigma-Aldrich, anhydrous, 99.8%, St. Louis, MO, USA), 1,4-dichlorobenzene
(DCB, Sigma Aldrich, anhydrous, 99%, St. Louis, MO, USA), diphenyl ether (DPE, Acros Organics,
99%, Houston, TX, USA), chloroform (CF, Sigma-Aldrich, ACS reagent, ≥99.8%, St. Louis, MO, USA),
lead(II) iodide (TCI, 99.99%, Portland, OR, USA), methylammonium iodide (Dyesol, Queanbeyan,
NSW, Australia), potassium iodide (Alfa Aesar, 99.998%, Tewksbury, MA, USA), dimethylformamide
and dimethyl sulfoxide (DMF and DMSO, Sigma Aldrich, anhydrous grade, St. Louis, MO, USA),
C60 (Luminescence Technology Corp., >99.5%, New Taipei City, Taiwan), and bathocuproine (BCP)
(Sigma Aldrich, sublimed grade, 99.99%, St. Louis, MO, USA). All chemicals were used without further
purification. PFBT2Se2Th was prepared according to previous publication, via copolymerization
of 4,7-Bis(5-bromo-4-(2-octyldodecyl)selenophen-2-yl)-5,6-difluorobenzothiadiazole (FBT2Se) and
5,5′-bis(trimethylstannyl)-2,2′-bithiophene (2Th) [41].

2.1. CuCrO2 (CCO) and Mg:CCO Preparation

2.1.1. Nanoparticle Synthesis

Mg:CCO nanoparticles with 0 at%, 5 at%, and 10 at% Mg doping levels were synthesized by a
hydrothermal method as reported in previous literature [39]. First, 7.5 mmol Cu(NO3)2·2.5H2O and
stoichiometric amounts of Cr(NO3)3·9H2O and Mg(NO3)2 were dissolved in 35 mL deionized (DI)
water and stirred for 15 min at room temperature. Next, 2.5 g NaOH was added into the mixture and
stirred for another 15 min at room temperature. The precursor solution was transferred into a 50 mL
autoclave reactor (Col-Int Tech., Irmo, SC, USA), filled to 70% of its total volume. The hydrothermal
reaction was carried out at 240 ◦C for CCO and 230 ◦C for Mg:CCO for 60 hours. Finally, the precipitate
was washed using 2 M HCl and EtOH in sequence several times until the supernatant was colorless.
After centrifuging, the mud was dried in a desiccator at room temperature overnight to obtain CCO or
Mg:CCO powders.

2.1.2. Suspension Preparation

CCO and Mg:CCO nanoparticles were dispersed into 2-MOE to make 2 mg mL−1 suspensions
for materials characterization and fabrication of P3HT:PC61BM OSCs, PFBT2Se2Th:PC71BM OSCs,
PTB7-Th:ITIC OSCs, and MAPbI3 PSCs. Just prior to film preparation, the suspensions were placed
into a bath sonicator (Branson 3510, Plano, TX, USA) for 90 min, then filtered through a 1 μm PTFE filter
(Thermos scientific, Titan3, Houston, TX, USA), re-sonicated for 90 min, and again filtered through a
0.45 μm PTFE filter (Biomed Scientific, Seattle, WA, USA).

2.1.3. Film Preparation

2 mg mL−1 CCO and Mg:CCO suspensions were drop cast on gold-coated silicon substrates for
EDX (Zeiss Supra 40) and XPS and on Cu grids (Ted Pella, Inc., Redding, CA, USA) for TEM imaging.
CCO and Mg:CCO suspensions were spin coated multiple times on glass substrates for UV-vis (Ocean
Optics USB 4000, Largo, FL, USA), spectroscopic ellipsometry (J. A. Woollam M-2000DI, Lincoln, NE,
USA), and PESA (RKI Instruments Model AC-2, Union City, CA, USA), and on ITO substrates for
SEM (Zeiss Supra 40, Lewisville, TX, USA) and KP (KP Technology SKP 5050, Caithness, Scotland)
measurements and solar cells. After spin coating, the CCO and Mg:CCO films were annealed on a hot
plate (120–175 ◦C) for 5 min in air to evaporate the solvent.
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2.2. Materials Characterizaton

The crystalline phases of the nanoparticles were characterized by XRD using a Rigaku Ultima III
diffractometer (The Woodlands, TX, USA) with Cu Kα (λ = 1.5418 Å) radiation. Powder diffraction
files (PDFs) were used to identify characteristic peaks in the XRD patterns. Polytype compositions,
crystal size and lattice parameters of XRD patterns were performed using Profex (an open source XRD
and Rietveld refinement software, Solothurn, Switzerland) and structure files for phase identification
were downloaded from the Crystallography Open Database (COD). The film morphologies were
examined using SEM. The experimental Mg doping concentration was quantified using EDX.
Nanoparticle size was measured from TEM images from the Delong LVEM5 Benchtop Electron
Microscope (Delong TEM, Montreal, QC, Canada) equipped with the Q-Capture Pro 7 software.
Hydrodynamic sizes were measured by DLS using a Malvern Zetasizer Nano ZS instrument (Malvern,
United Kingdom). The lattice fringe distances were determined from high resolution TEM (HR TEM)
images of nanoparticles obtained using a JEOL JEM2100 TEM (Peabody, MA, USA). The elemental
compositions and chemical states of the films were analyzed by XPS, using a PHI 5000 Versa Probe II
equipped with an Al Kα source and a hemispherical analyzer. XPS data were taken at a 45◦ takeoff
angle with a pass energy of 23.5 eV. Optical transmission of the films was characterized by UV-vis over
the wavelength range from 178 to 890 nm. The band gap energy was determined from Tauc plots of
the UV-vis absorbance data. Film thickness was obtained by ellipsometry at 55◦, 65◦, and 75◦ incident
angles over the wavelength range from 280 to 1690 nm. Ionization energy was measured from 4.7 to
5.8 eV with a 0.05 eV energy step using PESA with deuterium lamp intensity at 100 nW. The work
function was measured using a KP apparatus (SKP5050, KP Technology) referenced to Au at 5.15 eV.

2.3. Solar Cell Fabrication and Testing

2.3.1. P3HT:PC61BM OSCs

P3HT:PC61BM devices were fabricated on patterned ITO substrates (Xinyan Technology Ltd.,
Kwun Tong, Hong Kong, 15 Ω sq−1). The substrates were rinsed using soapy water, acetone, and IPA,
followed by UV-ozone treatment for 20 min. 2 mg mL−1 CCO and Mg:CCO suspensions were
spin coated at 2000 rpm for 30 s on top of the ITO substrates. The thickness of CCO and Mg:CCO
nanoparticle films are ~18 nm; see Section 3.2 for details. 23 mg mL−1 P3HT and 23 mg mL−1 PC61BM
were dissolved in CB and stirred at 50 ◦C overnight. The P3HT:PC61BM active layer (~200 nm thick)
was made by dispensing 35 μL P3HT:PC61BM solution on a spinning substrate at 1200 rpm for 60 s,
followed by annealing at 170 ◦C in N2 for 10 min. Finally, 7 nm Ca and 100 nm Al were sequentially
evaporated on top of the active layer. The current-voltage (J-V) measurements were carried out using a
2635A Keithley low-noise sourcemeter under AM 1.5G 100 mW cm−2 illumination from a class AAA
solar simulator (Abet Technologies) in a nitrogen filled glovebox. The diode area is 0.11 cm2 and the
aperture area is 0.049 cm2.

2.3.2. PFBT2Se2Th:PC71BM OSCs

PFBT2Se2Th:PC71BM devices were fabricated and tested similarly to the description in Section 2.3.1
unless otherwise noted. Six mg mL−1 PFBT2Se2Th and 12 mg mL−1 PC71BM were dissolved in DCB
with 5 vol % DPE and stirred at 100 ◦C overnight. This solution and ITO/CCO or Mg:CCO substrates
were preheated at 100 ◦C. The PFBT2Se2Th:PC71BM active layer (~120 nm thick) was made by first
dispensing 50 μL of PFBT2Se2Th:PC71BM solution on the substrate and then immediately starting
spinning at 1200 rpm for 60 s, followed by drying in a vacuum chamber for 2 min.

2.3.3. PTB7-Th:ITIC OSCs

PTB7-Th:ITIC devices were fabricated and tested similarly to the description in Section 2.3.1 unless
otherwise noted. PTB7-Th and ITIC were blended in a 1:1 weight ratio, dissolved in a mixed solution
(CB with 3 vol% CF) at a total concentration of 20 mg mL−1 and stirred at room temperature overnight.
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The PTB7-Th:ITIC active layer (~80 nm thick) was made by first dispensing 40 μL PTB7-Th:ITIC
solution on the substrate and then immediately starting spinning at 1250 rpm for 60 seconds.

2.3.4. MAPbI3 PSCs

MAPbI3 PSCs were fabricated by spin coating the MAPbI3 layer (~450 nm thick) according to
an antisolvent-washing recipe first described by Ahn et al. [42], and thereafter thermally evaporating
a C60/BCP electron transport layer and then Ag electrodes. The details of the deposition of each of
these layers are exactly as described in our previous report [27], except that the antisolvent wash
during MAPbI3 deposition was carried out 11–12 s after starting the spin recipe. After fabrication,
the devices were encapsulated with Ossila E131 UV-cure epoxy and a glass coverslip. J.–V curves
were measured using a Keithley 2401 sourcemeter and an Oriel solar simulator. The lamp intensity
was initially calibrated to 1 sun using a reference Si solar cell from Newport Corp., and maintained
at that intensity during the measurements by a reference photodiode. The aperture area of the PSCs
is 0.1 cm2, as defined by a shadow mask. (J,V) points were collected by sampling the current 1 s
after the bias was applied. AC external quantum efficiency measurements were performed using an
Enlitech QE-R instrument equipped with a monochromated Xe lamp optically chopped at 165 Hz, and
without applied electrical bias. XPS, using a Kratos Analytical Axis Ultra spectrometer equipped with
a monochromated Al Kα source, was performed on ITO/HTL/MAPbI3 films to determine whether
diffusion of Cu, Cr, or Mg from the HTL resulted in detectable levels of these elements at the surface of
the perovskite film. TRPL experiments comparing ITO/MAPbI3 and ITO/HTLs/MAPbI3 structures were
performed using a microscope-based time-resolved system [43]. Samples were excited by 405 nm/120 fs
optical pulses at 7.6 MHz repetition rate produced by doubling the fundamental frequency of the Mira
900 laser and followed by pulse-picking (1 out of 10 pulses) via the acousto-optical modulator (NEOS
Technologies). Excitation of 1 μW was focused on the sample via 0.6 NA objective, which also ensured
a high photon collection efficiency to obtain PL signals. The collected emission was passed through a
spectrometer and directed either to a CCD camera for PL spectral analysis or to a sensitive photon
detector (MicroPhoton Devices MPD 50) for the wavelength-dependent PL lifetime measurements. PL
decay curves were collected via the time-correlated single photon counting performed on board of
Pico300E photon counting hardware (PicoQuant GmbH). The overall time resolution was better than
200 ps.

3. Results and Discussion

3.1. Structural, Compositional, and Morphological Characterizations

Figure 1a shows XRD patterns of CCO (black curve), 5% Mg:CCO (red curve), and 10% Mg:CCO
(blue curve) powders, respectively. XRD peaks are indexed as a mixture of two CCO polytypes,
rhombohedral R3m (3R-CCO, pink sticks), and hexagonal P63/mmc (2H-CCO, purple sticks), for all
three compounds. No impurity phases are detected. For the (110) reflection at ~62.0◦, Mg doping
results in a ~0.05◦ peak shift to the lower angle, indicating a larger lattice spacing. The (004) reflection
at 31.4◦ exhibits broadening with Mg doping, indicating decreased crystal size along the c axis
(Figure 1a and Table 1). Rietveld refinement was carried out in order to quantitatively determine the
polytype composition, crystal size, and lattice parameters for each XRD pattern. Figure 1b shows
the experimental (blue solid circle), calculated (red curve), and difference between experimental and
calculated (grey curve) patterns for CCO, 5% Mg:CCO, and 10% Mg:CCO. Table 1 shows the results
extracted from the Rietveld refinement. The polytype compositions for all three compounds are found
to be ~60 ± 3% for 3R and ~40 ± 3% for 2H. The crystal sizes decrease monotonically from CCO
to 10% Mg:CCO, from 7.8 to 4.5 nm for the 2H polytype calculated from the (004) reflection and
from 9.6 to 8.7 nm for the 3R polytype calculated from the (110) reflection. However, the crystal size
increases monotonically from 10.2 nm for CCO to 13.1 nm for 10% Mg:CCO in the (110) reflection for
the 2H polytype. The tradeoff of the size changes for both polytypes leads to similar widths of the
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(110) reflection independent of Mg doping. Since delafossite nanocrystals often exhibit anisotropic
morphology [25,27], it is reasonable that size changes differ for the (004) and (110) reflections. Similar
orientation dependent size variation in Mg:CCO was reported by Bywalez et al. [35]. They attributed
the decrease of crystal sizes along the c axis to Mg2+ obstructing growth of the delafossite crystal
structure and stabilizing the spinel phase. However, there is no indication that this phase exists in
our samples.

 
(a) (b) 

Figure 1. (a) X-ray diffraction (XRD) patterns of CuCrO2 (CCO) (black curve), 5% Mg:CCO (red curve),
and 10% Mg:CCO (blue curve) powders. Two CCO polytypes, 3R-CCO (Powder diffraction files
(PDF) #39-0247, pink sticks) and 2H-CCO (PDF#89-6743, purple sticks) are detected in all three XRD
patterns. Prominent reflections are indexed between 30◦ to 40◦, and ~62.0◦. (b) Rietveld refinement of
XRD patterns. The experimental (blue solid circle), calculated (red curve) and, difference (grey curve)
patterns are shown. Structural files for the refinement are 3R-CCO (Crystallography Open Database
(COD) No. 8104066) and 2H-CCO (COD No. 8104065).

Table 1. Rietveld refinement results for CCO, 5% Mg:CCO, and 10% Mg:CCO.

Sample CCO 5% Mg:CCO 10% Mg:CCO

Polytype composition (%) 3R-CCO = 59.1 ± 3.0 3R-CCO = 59.5 ± 2.6 3R-CCO = 56.0 ± 2.7
2H-CCO = 40.9 ± 3.0 2H-CCO = 40.5 ± 2.6 2H-CCO = 44.0 ± 2.7

Rwp (%) 1 13.3 13.7 13.4
Rexp (%) 2 9.0 9.0 9.1
Rp (%) 3 9.0 10.9 10.5

X2 2.2 2.3 2.2
Crystal size (nm)

based on (004) 7.8 ± 0.4 (2H-CCO) 5.6 ± 0.3 (2H-CCO) 4.5 ± 0.3 (2H-CCO)

Crystal size (nm)
based on (110)

9.6 ± 0.9 (3R-CCO) 9.4 ± 0.9 (3R-CCO) 8.7 ± 1.0 (3R-CCO)
10.2 ± 1.0 (2H-CCO) 12.3 ± 1.3 (2H-CCO) 13.1 ± 1.5 (2H-CCO)

Lattice parameter a 4 and c 5 (Å) for 3R-CCO
a = 2.99 a = 2.99 a = 3.00
c =17.44 c =17.44 c =17.44

Lattice parameter a and c (Å) for 2H-CCO
a = 2.99 a = 2.99 a = 3.00
c =11.43 c =11.44 c =11.46

1 Rwp is the weighted profile R-factor and the squared Rwp is equal to the weighted sum of squared difference
between the experimental and calculated intensity values over the weighted sum of squared experimental intensity
values [44]. 2 Rexp is the expected R-factor and the squared Rexp is equal to the number of data points over the
weighted sum of squared experimental intensity values [44]. 3 Rp is the profile R-factor and is equal to the weighted
sum of difference between the experimental and calculated intensity values over the weighted sum of experimental
intensity values [45]. 4 and 5 a and c are the in-plane and out-of-lane lattice constants in the unit cell.

The lattice parameters for 3R-CCO and 2H–CCO polytypes were similar for CCO and 5% Mg:CCO.
However, for 10% Mg:CCO, a larger a lattice parameter in both phases (3.00 Å versus 2.99 Å) and
an increase in the c lattice parameter in the 2H–CCO phase (11.46 Å versus 11.43 Å) were observed.
This lattice expansion was consistent with Mg substituting on the Cr site, rather than the Cu site [36],
because the ionic radius of Mg2+ (0.72 Å) is larger than that of Cr3+ (0.62 Å) and smaller than that of
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Cu+ (0.77 Å). This result is consistent with the bond length increase between Cr and O sites after Mg
doping predicted from theoretical calculations [33].

In order to measure Mg concentration in CCO, EDX was performed on 5% Mg:CCO and 10%
Mg:CCO. The insets of Figure 2a,b show that Mg is present and distributed uniformly in the Mg:CCO
films. Mg/(Mg+Cr) represents the Mg concentration in the Mg:CCO films, which is calculated by atomic
number effects (Z), absorption (A), and fluorescence (F) method from EDX spectra in Figure 2 [46].
Table 2 shows that the averaged Mg concentration in 5% Mg:CCO and 10% Mg:CCO measured from
EDX is 4.0% and 9.8%, respectively. A possible Mg doping process is proposed similarly to the CCO
formation mechanism as described by Miclau et al. [47]. During the hydrothermal synthesis of Mg:CCO
nanoparticles, Cu1+, Cr3+, and Mg2+ ions can form Cu(OH)−2 , Cr(OH)−4 , and Mg(OH)2, respectively,
at alkaline pH environment according to equations (1-3) below. Mg:CCO nanoparticles can then be
formed from the metal hydroxides according to Equation (4) [48–50].The formation process of Mg:CCO
nanoparticles are given in the following equations:

Cu1++2H2O→ Cu(OH)−2 +2H+ (1)

Cr3++4H2O→ Cr(OH)−4 +4H+ (2)

Mg2++2OH− → Mg(OH)2 (3)

Cu(OH)−2 +(1− x)·Cr(OH)−4 +x·Mg(OH)2+2H+ → CuCr1−xMgxO2+4H2O− 2x·(OH)− (4)

(a) (b) 

Figure 2. Energy-dispersive X-ray spectroscopy (EDX) spectra for (a) 5% Mg:CCO and (b) 10% Mg:CCO.
Mappings of Mg element (inset) show uniform distribution.

Table 2. Measured Mg doping concentration of CCO, 5% Mg:CCO, and 10% Mg:CCO films and
average transmission electron microscopy (TEM) nanoparticle sizes of CCO, 5% Mg:CCO, and 10%
Mg:CCO nanoparticles.

Sample CCO 5% Mg:CCO 10% Mg:CCO

Mg/(Mg+Cr) (%) 1 0 4.0 ± 0.2 9.8 ± 1.3
Nanoparticle size (nm) 2 10.3 ± 2.1 8.2 ± 2.1 9.8 ± 3.0

1 Mg concentration is averaged over five EDX measurements. 2 Nanoparticle size is calculated from TEM images
and mean size for each sample is averaged over 50 individual nanoparticles (Figure 3).

TEM images of CCO (Figure 3a), 5% Mg:CCO (Figure 3b), and 10% Mg:CCO (Figure 3c) show
the nanoparticles exist in individual or small clusters as well as large agglomerates. We only use
individual or double nanoparticles (indicated by white circles) to determine particle sizes. The average
nanoparticle size for CCO, 5% Mg:CCO, and 10% Mg:CCO is 10.3 ± 2.1, 8.2 ± 2.1, and 9.8 ± 3.0 nm,
respectively. The size trend according to TEM results differs slightly from that of Rietveld-refined XRD
data. One difference is that the particle size determined from XRD is analyzed for specific reflection
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and polytype (Table 1), while TEM images are two-dimensional projections of nanoparticles with
random orientation. To examine the TEM size results in details, Figure 4a shows box plots of TEM
particle sizes for CCO (black), 5% Mg:CCO (red), and 10% Mg:CCO (blue) nanoparticles. The ranges
of CCO and 5% Mg:CCO nanoparticle sizes are smaller than that of 10% Mg:CCO nanoparticles. It is
clear that 90% of the CCO nanoparticles are larger than 8 nm. In contrast, significant fractions of both
types of Mg:CCO nanoparticles are between 6 and 8 nm. Thus, the statistics of TEM results show that
Mg:CCO samples have greater numbers of smaller-sized particles, although 10% Mg doping appears
to broaden the distribution. Considering the particle size results from XRD and TEM, overall Mg
doping decreases CCO nanoparticle sizes because the XRD results show the size decreases along the c
axis and TEM results show greater numbers of smaller sized Mg:CCO particles.

 
(a) 

 
(b) 

 
(c) 

Figure 3. TEM images of (a) CCO, (b) 5% Mg:CCO, and (c) 10% Mg:CCO nanoparticles. Individual and
double nanoparticles, as shown inside white circles in (a)–(c) are used to calculate size distributions
shown in Table 2 and Figure 4a.

 
(a) (b) 

Figure 4. Box plots of (a) TEM-determined particle sizes from Figure 3 and (b) dynamic light scattering
(DLS)-determined sizes for CCO (black color), 5% Mg:CCO (red color), and 10% Mg:CCO (blue color)
nanoparticles. The percentiles are set to 90% whisker top, 75% box top, 25% box bottom, and 10%
whisker bottom for each data set. In (a), ~50 individual nanoparticles are used in each data set. In (b),
~12 batches of DLS measurements are used in each data set.

Figure 4b shows box plots of DLS sizes for CCO (black), 5% Mg:CCO (red), and 10% Mg:CCO
(blue) nanoparticles dispersed in 2-MOE. For all nanoparticles, the 25–75% distributions are between
20 to 30 nm, indicating nanoparticles disperse well in 2-MOE. There are no significant differences
among the three doping concentrations due to possibly similar hydrodynamic layer thickness. This is
expected because the hydrodynamic layer is determined by solution ionic strength and hydrodynamic
size and is often larger than dry particle size [51,52]. Since the Mg concentration in these nanoparticles
is low, it is not surprising that hydrodynamic sizes for all samples are similar.

The HR TEM image of 5% Mg:CCO nanoparticles shows clear lattice fringes (Figure 5). The lattice
spacing of 2.47 Å corresponds to the (012) reflection for 3R–CCO polytype. The lattice spacing of 2.33 Å
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corresponds to the (102) reflection for 2H–CCO polytype. No other lattice spacings corresponding to
impurity phases are detected, consistent with XRD results.

 
Figure 5. High resolution TEM (HR TEM) image of 5% Mg:CCO nanoparticle. Lattice spacings
corresponding to the (012) reflection in 3R-CCO and the (102) reflection in 2H-CCO polytypes
are indicated.

XPS studies were carried out in order to confirm the oxidation states of Cu, Cr, and Mg in the
Mg:CCO powders. XPS data was analyzed using PHI Multipak software and peak fitting was done
using a Gaussian–Lorentzian profile after a Shirley type background subtraction [53]. The binding
energy was shifted using the valence band edge. The measured (cross symbol) and fitted (solid curve)
XPS spectra of Cu 2p3/2, Cr 2p3/2, Mg 1s, and O 1s core levels for 5% Mg:CCO (red color) and 10%
Mg:CCO (blue color) nanoparticles are shown in Figure 6. Deconvolution of the Cu 2p3/2 spectrum for
both 5% and 10% Mg:CCO (Figure 6a) results in two peaks at 934.6 eV and 932.3 eV corresponding
to binding energies of Cu(OH)2 and Cu1+, respectively, consistent with the literature [54,55]. The Cr
2p3/2 spectrum (Figure 6b) can be fitted to two peaks at 577.3 eV and 576.5 eV corresponding to
binding energies of Cr3+ as hydroxide and Cr3+ as oxide, respectively [37,56]. These are similar to the
binding energy peak positions of Cu1+ and Cr3+ oxide of undoped CCO nanoparticles reported in the
literature [24]. Figure 6c shows the Mg 1s spectra, wherein the peak is located at binding energy of
1303.1 eV, corresponding to the Mg2+ oxidation state [39]. The O 1s spectrum (Figure 6d) shows peaks
corresponding to lattice oxygen (OI) at 529.9 eV and hydroxyl groups (OII) at 531.5 eV for both 5%
Mg:CCO and 10% Mg:CCO nanoparticles. A small-intensity peak at 533 eV corresponding to adsorbed
water for 5% Mg:CCO nanoparticles is observed [54,57].
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(a) (b) 

 
(c) (d) 

Figure 6. X-ray photoelectron spectroscopy (XPS) spectra of (a) Cu 2p3/2, (b) Cr 2p3/2, (c) Mg 1s, and (d)
O 1s orbitals for 5% Mg:CCO (red) and 10% Mg:CCO (blue) nanoparticles. The measured XPS spectra
are represented by cross symbols. The fitted XPS spectra are represented by solid curves. The black lines
show the binding energies for Cu(OH)2, Cu1+, Cr3+

I, Cr3+
II, Mg2+, OI, OII, and OIII. Cr3+

I represents
Cr3+ as oxide, Cr3+

II is Cr3+ as hydroxide; OI represents the lattice oxygen, OII is hydroxyl species,
and OIII is adsorbed water.

3.2. Optical and Electronic Characterizations

The thickness of CCO and Mg:CCO nanoparticle films are controlled by the number of coating
cycles that were performed during deposition [27]. Figure 7a–c shows SEM images for CCO,
5% Mg:CCO, and 10% Mg:CCO films; no regions of bare substrate are seen for all films. Figure 8a
shows the UV-vis absorbance and transmission (inset) spectra of well-covered CCO (black), 5% Mg:CCO
(red), and 10% Mg:CCO (blue) films. The absorbance values at 300 nm lie between 0.21 and 0.22 for
all films, which are highly transparent (transmission > 90%) in the visible region. All three films are
18 nm thick as determined by ellipsometry. The direct band gap (Eg) is extrapolated from the Tauc plot
(Figure 8b). The average values of the direct Eg are 3.27 ± 0.02 eV, 3.25 ± 0.03 eV, and 3.27 ± 0.03 eV
for CCO, 5% Mg:CCO, and 10% Mg:CCO, respectively (Table 3). These values are the same within
the uncertainty of the measurement (~0.03 eV). Thus, Mg doping does not affect the direct Eg of CCO.
The Eg for pure CCO is consistent with our previous result [27].

 
(a) 

 
(b) 

 
(c) 

Figure 7. SEM images of (a) CCO, (b) 5% Mg:CCO, and (c) 10% Mg:CCO films on ITO substrates.
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(a) (b) 

Figure 8. (a) Ultraviolet–visible (UV-vis) absorbance and transmission (inset) spectra and (b) Tauc plots
and linear fits of the band edge (straight lines) for CCO (black curve), 5% Mg:CCO (red curve), and 10%
Mg:CCO (blue curve) films.

Table 3. Thickness and direct Eg of CCO, 5% Mg:CCO, and 10% Mg:CCO films with ~0.22 absorbance
at 300 nm wavelength.

Sample
Thickness

(nm)
Direct Eg (eV) 1 WFmedian – IEmedian (eV)

CCO 18 3.27 ± 0.02 0.08
5% Mg:CCO 18 3.25 ± 0.03 0.09
10% Mg:CCO 18 3.27 ± 0.03 0.16

1 Direct Eg is averaged over three measurements.

Figure 9a shows box plots of the work function (WF) for CCO (black), 5% Mg:CCO (red), and 10%
Mg:CCO (blue) films. The median WF values of CCO, 5% Mg:CCO, and 10% Mg:CCO films are 5.19,
5.17, and 5.22 eV, respectively. The 50th percentile WF value for the 10% Mg:CCO is higher than that of
CCO and 5% Mg:CCO. The 5% Mg:CCO films exhibit the largest spread with a long tail to the large
WF than CCO films. Thus, Mg:CCO films generally appear to have higher WF values than CCO films,
although the difference is below the level of statistical significance. Figure 9b shows box plots of the
ionization energy (IE) for CCO (black), 5% Mg:CCO (red), and 10% Mg:CCO (blue) films. The median
IE values of CCO, 5% Mg:CCO, and 10% Mg:CCO films are 5.11, 5.08, and 5.06 eV, respectively.
The energy step for the IE measurement is 0.05 eV. The 50-percentile IE value decreases monotonically
with increasing Mg concentration. Furthermore, the measured IE value is consistent with the IE of
5.1 eV from previous band structure calculations [27]. As shown in Figure 9, the overall WF values are
larger than IE values, especially for Mg:CCO films. Thus, these films are p-type degenerately doped.
The difference between WF and IE values (WF – IE) increases with Mg concentration from 0.08 eV for
CCO to 0.16 eV for 10% Mg:CCO (Table 3), indicating that Mg:CCO films may have higher conductivity,
consistent with previous results [35,36].
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Figure 9. Box plots of (a) work function and (b) ionization energy for CCO (black color), 5% Mg:CCO
(red color), and 10% Mg:CCO (blue color) films. The percentiles are set to 90% whisker top, 75% box
top, 25% box bottom, and 10% whisker bottom for each data set. In (a), 20 batches of WF measurements
are used in each data set. In (b), 13 batches of IE measurements are used in each data set.

3.3. CCO and Mg:CCO as HTLs in OSCs and PSCs

Figure 10a and Table 4 show the results of P3HT:PC61BM devices with CCO (black), 5% Mg:CCO
(red), and 10% Mg:CCO (blue) HTLs. The average Jsc of P3HT:PC61BM devices is higher with Mg:CCO
HTL (from 6.94 mA cm−2 for CCO to ~7.05 mA cm−2 for Mg:CCO). The average Voc of Mg:CCO is also
higher than that of undoped CCO HTL (~0.582 V versus 0.570 V). However, both Mg:CCO devices
exhibit lower average FF (0.642 for 5% doping and 0.666 for 10% doping versus 0.685 for no doping).
The tradeoff of the three parameters leads to similar PCE values for all devices independent of Mg
doping. We note that the variation among different diodes is larger in Jsc than Voc or FF, which is typical
of OPV devices. Nonetheless, there is a systematic trend of average Jsc increase with Mg doping.

Figure 10b and Table 4 show the results of PFBT2Se2Th:PC71BM devices with CCO (black),
5% Mg:CCO (red), and 10% Mg:CCO (blue) HTLs. The average Voc and FF are similar in all devices
with values of ~0.665 V and ~0.685, respectively. The average Jsc of the devices increases monotonically
from 10.50 mA cm−2 for undoped CCO HTL to 10.88 mA cm−2 for 10% Mg:CCO HTL. Thus, the PCE
values of PFBT2Se2Th:PC71BM devices are higher when Mg:CCO, instead of undoped CCO, is used
as the HTL. Among different diodes, the variation of Jsc is larger than that of Voc or FF. Moreover,
Mg:CCO devices have even larger variation of Jsc. However, a similar systematic trend of increasing
average Jsc as P3HT:PC61BM devices is observed in PFBT2Se2Th:PC71BM devices.

Figure 10c and Table 4 show the results of PTB7-Th:ITIC devices with CCO (black), 5% Mg:CCO
(red), and 10% Mg:CCO (blue) HTLs. The average Jsc of the devices increases monotonically from
11.55 mA cm−2 for undoped CCO HTL to 12.02 mA cm−2 for 10% Mg:CCO HTL. The average Voc and
FF are highest for the 5% Mg:CCO in this batch of devices, but they do not depend on Mg doping in
other batches. Generally, the PCE values of PTB7-Th:ITIC devices are higher when using Mg:CCO as
the HTL due to the increase in Jsc. This work is the first using CCO and Mg:CCO as HTL for BHJ OSCs
with a non-fullerene acceptor.

Figure 10d and Table 4 show the results of MAPbI3 PSCs with CCO (black), 5% Mg:CCO (red),
and 10% Mg:CCO (blue) HTLs under forward (solid lines) and reverse scans (dashed lines). Only
slight hysteresis is seen, indicating minimal trap states at the CCO or Mg:CCO/perovskite interface.
Under forward scan, the average Voc increases monotonically from 0.985 V for the undoped CCO
HTL to 1.007 V for the 10% Mg:CCO HTL. Similar trends are observed in the Jsc (from 18.91 mA cm−2

for the undoped CCO HTL to 19.40 mA cm−2 for the 10% Mg:CCO HTL) and FF (from 0.678 for the
undoped CCO HTL to 0.703 for the 10% Mg:CCO HTL). Overall, the PCE of the devices improves
monotonically from 12.64% for the undoped CCO HTL to 13.73% for the 10% Mg:CCO HTL. We note
that the variation among different diodes is large for all the parameters. However, there are systematic
trends of increases among the average Jsc, Voc, and FF with Mg doping. Under reverse scan, the average
Jsc increases monotonically from 18.70 mA cm−2 for the undoped CCO HTL to 19.37 mA cm−2 for the
10% Mg:CCO HTL. The FF of the devices using the 5% Mg:CCO and 10% Mg:CCO HTLs were similar,
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0.719, but for the undoped CCO HTL, a lower FF (0.697 versus 0.719) was observed. The Voc is similar
in all devices with values of ~1.01 V. Overall, the PCE of the devices improves monotonically from
13.19% for the undoped CCO HTL to 14.12% for the 10% Mg:CCO HTL. As in the forward scan data,
despite the variation among different diodes, there is a systematic trend of increasing average Jsc with
Mg doping. Jeong et al. observed that Mg:CCO produces PSCs with a slightly higher Jsc and Voc, but a
lower FF, resulting in no improvement in the PCE; however, they did not report Mg concentration [40].
The inset in Figure 8d shows the external quantum efficiency (EQE) at wavelength ranging from 300 to
800 nm for CCO (black), 5% Mg:CCO (red), and 10% Mg:CCO (blue) HTLs. A broadband increase in
EQE is observed with Mg doping, consistent with the increases of average Jsc in forward and reverse
J-V scans.

 
(a) 

 
(b) 

(c) (d) 

Figure 10. Average J-V curves (number of devices for each system is given in the footer of Table 4) of
(a) P3HT:PC61BM OSCs, (b) PFBT2Se2Th:PC71BM OSCs, (c) PTB7-Th:ITIC OSCs, and (d) MAPbI3 PSCs
measured in AM 1.5G 100 mW cm−2 illumination with CCO (black curve), 5% Mg:CCO (red curve),
and 10% Mg:CCO (blue curve) hole transport layers (HTLs). In (d), solid J-V curves are measured under
forward scan, dashed J-V curves are measured under reverse scan, and the inset is the external quantum
efficiency (EQE) measurements of representative MAPbI3 cells with CCO (black curve), 5% Mg:CCO
(red curve), and 10% Mg:CCO (blue curve) HTLs.
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Table 4. The device parameters of OSCs and MAPbI3 PSCs with CCO, 5% Mg:CCO, and 10%
Mg:CCO HTLs.

Device Type 1 HTL_Type Jsc (mA cm−2) Voc (V) FF PCE (%)

P3HT:PC61BM
CCO 6.94± 0.15 0.570 ± 0.000 0.685 ± 0.008 2.71 ± 0.06

5% Mg:CCO 7.04 ± 0.11 0.583 ± 0.005 0.642 ± 0.022 2.63 ± 0.08
10% Mg:CCO 7.06 ± 0.11 0.581 ± 0.007 0.666 ± 0.017 2.73 ± 0.03

PFBT2Se2Th:PC71BM
CCO 10.50 ± 0.29 0.666 ± 0.007 0.684 ± 0.014 4.78 ± 0.18

5% Mg:CCO 10.77 ± 0.61 0.664 ± 0.007 0.689 ± 0.011 4.93 ± 0.26
10% Mg:CCO 10.88 ± 0.50 0.665 ± 0.007 0.678 ± 0.011 4.91 ± 0.27

PTB7-Th:ITIC
CCO 11.55 ± 0.17 0.786 ± 0.007 0.548 ± 0.010 4.97 ± 0.14

5% Mg:CCO 11.87 ± 0.15 0.793 ± 0.005 0.559 ± 0.003 5.26 ± 0.08
10% Mg:CCO 12.02 ± 0.27 0.785 ± 0.007 0.541 ± 0.011 5.11 ± 0.22

MAPbI3 PSC (forward scan)
CCO 18.91± 0.43 0.985 ± 0.058 0.678 ± 0.025 12.64 ± 0.99

5% Mg:CCO 19.26 ± 0.54 1.003 ± 0.010 0.696 ± 0.023 13.45 ± 0.44
10% Mg:CCO 19.40 ± 0.39 1.007 ± 0.014 0.703 ± 0.018 13.73 ± 0.34

MAPbI3 PSC
(reverse scan)

CCO 18.70± 0.31 1.012 ± 0.006 0.697 ± 0.031 13.19 ± 0.71
5% Mg:CCO 19.20 ± 0.41 1.011 ± 0.004 0.719 ± 0.012 13.96 ± 0.33
10% Mg:CCO 19.37 ± 0.35 1.014 ± 0.006 0.719 ± 0.012 14.12 ± 0.28

1 For P3HT:PC61BM OSCs, 12, nine, and eight devices were measured for CCO, 5% Mg:CCO, and 10% Mg:CCO HTL,
respectively. For PFBT2Se2Th:PC71BM OSCs, eight, seven, and 11 devices were measured for CCO, 5% Mg:CCO,
and 10% Mg:CCO HTL, respectively. For PTB7-Th:ITIC OSCs, 10, eight, and nine devices were measured for CCO,
5% Mg:CCO, and 10% Mg:CCO HTL, respectively. For MAPbI3 PSCs, 10, 11, and 10 devices were measured for
CCO, 5% Mg:CCO, and 10% Mg:CCO HTL, respectively, under both forward and reverse scans.

Several groups have reported elemental diffusion from inorganic transport layer into MAPbI3 when
using CdS ETL [58], CrOx [59], and CuI [60] HTLs. In order to examine this possibility, we performed
XPS studies on the surfaces of MAPbI3 films on top of ITO/HTL. Figure 11 shows the normalized XPS
spectra of (a) survey, (b) Cu 2p, (c) Cr 2p, and (d) Mg 2p core levels for MAPbI3 films processed on
top of CCO (black), 5% Mg:CCO (red), and 10% Mg:CCO (blue) HTLs. For all HTLs, all peaks in the
survey spectra are indexed as the component elements (C, N, Pb, and I) of MAPbI3, consistent with
our previous result [27]. The Cu 2p and Cr 2p spectral ranges are free of any peaks corresponding to
Cu 2p or Cr 2p (dashed lines), indicating no presence of Cu and Cr elements at the surface of MAPbI3

layer. The Mg 2p spectrum shows two peaks at 48.2 eV and 46.6 eV corresponding to the binding
energy of the I 4d orbitals [61]. No Mg 2p peak at 50.8 eV (dashed line) was detected, indicating
no presence of Mg element. Thus, if metal diffusion from CCO and Mg:CCO HTLs into MAPbI3

occurs, it does so at a level below the sensitivity of XPS. This result is consistent with thermodynamic
calculation: the calculated formation enthalpy of CCO is -6.0 eV [22], significantly lower compared
to that of CdS (−1.5 eV) [62] and CuI (−0.3 eV) [63] and slightly lower compared to that of Cr2O3

(−5.9 eV) [64]. Mg:CCO has the same crystalline structure as CCO and the Mg doping content is
small, thus, the formation enthalpy of Mg:CCO is expected to be similar to that of CCO. Thus, CCO
and Mg:CCO are more stable and less likely to decompose or react than the aforementioned HTLs.
Nevertheless, additional experimentation is warranted to explore the possibility of reactivity between
CCO/Mg:CCO and perovskite phases.
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Figure 11. Normalized XPS (a) survey, (b) Cu 2p, (c) Cr 2p, and (d) Mg 2p spectra at the surfaces
of MAPbI3 films on top of ITO/HTL. HTLs are CCO (black), 5% Mg:CCO (red), and 10% Mg:CCO
(blue). In (a), all peaks are indexed by the component elements (C, N, Pb, and I) of MAPbI3. In (b–d),
the dotted lines show binding energies for the Cu 2p, Cr 2p, and Mg 2p core levels of CCO and
Mg:CCO. The positions of Cu 2p1/2, Cu 2p3/2, Cr 2p1/2, and Cr 2p3/2 peaks are indexed according to
our previous CCO reports [24,27]. The position of Mg 2p peak is indexed according to the report from
Hoogewijs et al. [65]. In (d), the peaks correspond to the I 4d orbitals; peaks due to the Mg 2p orbitals
are not observed.

In order to explore charge transport at the CCO and Mg:CCO/MAPbI3 interface, we performed
TRPL measurements. Figure 12a shows the PL emission spectrum for ITO/MAPbI3 (green),
ITO/CCO/MAPbI3 (black), ITO/5% Mg:CCO/MAPbI3 (red), and ITO/10% Mg:CCO/MAPbI3 (blue).
For all samples, the main PL emission peaks are at ~750 nm, consistent with the literature [66].
PL intensities for MAPbI3 on top of CCO and Mg:CCO HTLs are lower compared to that of MAPbI3

on ITO, indicating CCO and Mg:CCO HTLs are effective in promoting charge transfer. However,
PL intensities are similar among MAPbI3 on top of CCO and Mg:CCO HTLs. Figure 12b shows
the normalized TRPL decay kinetics for ITO/MAPbI3 (green), ITO/CCO/MAPbI3 (black), ITO/5%
Mg:CCO/MAPbI3 (red), and ITO/10% Mg:CCO/MAPbI3 (blue). With the addition of CCO and Mg:CCO
HTLs, a faster PL decay is observed relative to ITO/MAPbI3. The inset table in Figure 12b shows the
PL lifetimes extracted from three exponential fits in all samples (lines in Figure 12b). The τ1, τ2, and τ3
lifetimes of the ITO/MAPbI3 structure are 1.5 ns, 4.9 ns, and 16.3 ns, respectively. After adding CCO
and Mg:CCO HTLs, the τ1, τ2, and τ3 decreases to 0.7 ns, ~3.0 ns, and ~11.0 ns, respectively, indicating
enhanced charge extraction and consistent with the literature result [66]. Again, there are no significant
differences in PL lifetimes among films of MAPbI3 on CCO and Mg:CCO HTLs. Mg doping in CCO is
expected to lead lower PL intensity and shorter lifetimes. However, these effects are not discernable in
our TRPL results, presumably because they may be confounded by factors besides charge transfer,
such as surface recombination [67].

87



Nanomaterials 2019, 9, 1311
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Figure 12. (a) Photoluminescence (PL) emission spectra and (b) time-resolved photoluminescence
(TRPL) decay for ITO/MAPbI3 (green), ITO/CCO/MAPbI3 (black), ITO/5% Mg:CCO/MAPbI3 (red),
and ITO/10% Mg:CCO/MAPbI3 (blue). In (b), the lines are fits to three exponential decays: dotted
green line for ITO/MAPbI3, solid grey line for ITO/CCO/MAPbI3, dashed brown line for ITO/5%
Mg:CCO/MAPbI3, and dotted-dashed blue line for ITO/10% Mg:CCO/MAPbI3. The inset table in (b)
shows the fitted PL lifetimes for all samples.

Figure 13 shows the stabilized photocurrents and efficiencies for representative MAPbI3 cells
with CCO, 5% Mg:CCO, and 10% Mg:CCO HTLs. Time-dependent photocurrent measurements
are taken at a bias of ~0.8 V with stabilized photocurrent values of 17.35 mA cm−2, 18.05 mA cm−2,
and 17.81 mA cm−2 for CCO, 5% Mg:CCO, and 10% Mg:CCO HTLs, respectively. The values of the
stabilized photocurrent are higher with Mg doping, reflecting the increases in Jsc and FF observed in
forward and reverse scans for Mg:CCO MAPbI3 PSCs. The stabilized efficiencies for CCO, 5% Mg:CCO,
and 10% Mg:CCO HTLs are 13.89%, 14.43%, and 14.26%, respectively.

(a) 
(b) (c) 

Figure 13. The stabilized photocurrents and efficiencies for the representative MAPbI3 cells with
(a) CCO, (b) 5% Mg:CCO, and (c) 10% Mg:CCO HTLs. In (a,b), the applied bias is at 0.8 V. In (c),
the applied bias is initially at 0.85 V. After 50 s, it switches to 0.8 V.

Figure 14 shows the bar charts of average Jsc for P3HT:PC61BM OSCs, PFBT2Se2Th:PC71BM
OSCs, PTB7-Th:ITIC OSCs, and MAPbI3 PSCs under forward and reverse scans for CCO (black color),
5% Mg:CCO (red color), and 10% Mg:CCO (blue color) HTLs. The average Jsc of all OSCs and MAPbI3

PSCs are higher with Mg:CCO HTLs. The small average Jsc increases in all systems may be partially
attributed to the better conductivity of Mg:CCO HTLs resulting from the increased WF with respect to
IE with Mg doping. Additionally, the broadband increase with Mg doping content in the EQE spectra
of PSCs (Figure 10d inset) signifies that the increased HTL work function contributes to a stronger
electric field within the device, more efficiently extracting photoexcited carriers regardless of the depth
at which the generating photons are absorbed. If Voc and FF are independent of Mg doping, the PCE
may be expected to increase due to the boost in Jsc. However, they do not show a consistent trend from
batch to batch. Voc and FF are more susceptible to film roughness, which can vary due to aggregation
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of the nanoparticles in the suspensions and variation in spin coating conditions. The tradeoff between
Jsc and Voc/FF results in little or no statistical PCE improvement (Table 4).

Figure 14. The average Jsc barcharts with error bars for P3HT:PC61BM OSCs, PFBT2Se2Th:PC71BM
OSCs, PTB7-Th:ITIC OSCs, and MAPbI3 PSCs under forward and reverse scans for CCO (black color),
5% Mg:CCO (red color), and 10% Mg:CCO (blue color) HTLs.

4. Conclusions

In summary, we synthesized CCO and Mg:CCO nanoparticles and successfully applied them as
HTLs in OSCs and PSCs. Mg incorporation induces a slight lattice expansion by substituting larger
ionic radii Mg2+ into the Cr3+ site. Rietveld refinement suggests that Mg doping decreases CCO
nanoparticle size along the c axis but increases CCO nanoparticle size along the in-plane directions.
Overall, both XRD and TEM results indicate that nanoparticle sizes are smaller with Mg doping.
The average value of the direct Eg is (3.26 ± 0.03) eV in all nanoparticle films. The WF values for all
Mg concentrations are larger than the IE values, and their difference (WF – IE) increases with Mg
concentration, consistent with increased p-type conductivity reported in the literature. OSCs and PSCs
based on Mg:CCO HTLs show a consistent increase in average Jsc in all four absorber systems despite
large uncertainties; however, an overall enhancement in PCE is not clearly discernible (except in PSCs)
due to different trends in other parameters and sample variation. No elemental (Cu, Cr, and Mg)
diffusion from CCO and Mg:CCO HTLs is detected by XPS at the surface of MAPbI3 films. CCO and
Mg:CCO HTLs effectively extract charge from the absorber, as evident in more PL quenching and
shorter lifetimes when MAPbI3 is deposited on the HTLs. Mg doping in CCO HTLs enhances the
stabilized efficiency for MAPbI3 PSCs. This work provides new insights related to the role that an
Mg:CCO HTL may play in improving performance in a wide range of OSCs and MAPbI3 PSCs.
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Abstract: Ammonia (NH3) is a harmful gas contaminant that is part of the nitrogen cycle in our daily
lives. Therefore, highly sensitive ammonia sensors are important for environmental protection and
human health. However, it is difficult to detect low concentrations of ammonia (≤50 ppm) using
conventional means at room temperature. Tin monoxide (SnO), a member of IV–VI metal monoxides,
has attracted much attention due to its low cost, environmental-friendly nature, and higher stability
compared with other non-oxide ammonia sensing material like alkaline metal or polymer, which
made this material an ideal alternative for ammonia sensor applications. In this work, we fabricated
high-sensitive ammonia sensors based on self-assembly SnO nanoshells via a solution method and
annealing under 300 ◦C for 1 h. The as fabricated sensors exhibited the response of 313%, 874%,
2757%, 3116%, and 3757% (ΔG/G) under ammonia concentration of 5 ppm, 20 ppm, 50 ppm, 100 ppm,
and 200 ppm, respectively. The structure of the nanoshells, which have curved shells that provide
shelters for the core and also possess a large surface area, is able to absorb more ammonia molecules,
leading to further improvements in the sensitivity. Further, the SnO nanoshells have higher oxygen
vacancy densities compared with other metal oxide ammonia sensing materials, enabling it to have
higher performance. Additionally, the selectivity of ammonia sensors is also outstanding. We hope
this work will provide a reference for the study of similar structures and applications of IV–VI metal
monoxides in the gas sensor field.

Keywords: tin monoxide; nanoshell; ammonia sensor; solution method

1. Introduction

Recently, ammonia (NH3) sensors have been widely studied by researchers and widely used in
the high volume control of combustibles in the chemical industry, the control of emission of vehicles,
and the monitoring of dairy products in the food industry. Currently, many nanomaterials have been
utilized in ammonia sensors. These include two-dimension materials [1–5], IV–VI metal chalcogenides,
conductive polymers, and alkali metal materials. Among these materials, owing to the low cost,
high sensitivity, and environmentally-friendly nature, tin monoxide and tin dioxide have been used
to fabricate ammonia gas sensors [6–16]. Compared with tin dioxide, tin monoxide synthesized
under lower temperature is more stable and absorbs ammonia more easily when utilized as gas
sensors [17,18].
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Nanomaterials 2019, 9, 388

As one of the common pollutants and toxic gases, ammonia (NH3) can cause several effects on
the human body like irritation of the eyes, skin, throat, and respiratory system. According to the US
Occupational Safety and Health Administration (OSHA), the exposure of under 35 ppm of ammonia by
volume in environmental air for 15 min or under 25 ppm of volume for 8 h potentially harms people’s
health [12,13]. However, it is impossible for humans to detect ammonia below 50 ppm, which reflects
the importance of ammonia sensing. Hence, a highly sensitive and selective room temperature NH3

gas sensor is highly desirable in today′s world [19,20]. In previous work, the effect of material structure
on the sensitivity of indium oxide-based ammonia sensors has been discussed [21]. Deren Yang et al.
demonstrated that broken indium oxide nanotube structure with ultrahigh surface-to-volume ratio
exhibited higher performance than regular nanotube, nanowire, and nanoparticle [21]. This is because
the ultrahigh surface-to-volume ratio material can potentially provide larger interface to absorb
gas [22]. Shell structure is another structure with ultrahigh surface-to-volume ratio that is suitable for
gas sensing [23]. After referring to this work and the fabrication of CdS nanoshell structure [24], we
synthesized a SnO nanoshell structure that also possesses high surface-to-volume ratio with the aim of
improving the sensitivity of our ammonia sensors. SnO is a kind of monoxide and the mechanism of
ammonia sensing is related to the redox reactions. As is similar to other metal oxide sensors, when the
SnO is exposed to air, oxygen will be adsorbed on its surface, and oxygen molecules attract electrons.
As a result, the conductivity of the SnO decreases. Then, when the sensor is exposed to a reducing gas
such as NH3, the reducing gas may react with the adsorbed oxygen molecules and release electrons
into the SnO, thereby increasing the conductivity. From this mechanism, the oxygen adsorption in
the primary step is very important for the performance of the sensor [14,21]. The oxygen adsorption
relies on the oxygen vacancy of the material and high oxygen vacancy density of SnO nanoshell also
contributes to its high sensitivity.

In this paper, we prepared Sn6O4(OH)4 as precursors through a facile solution method and
further prepared SnO nanoshell through different annealing conditions. The morphology, structure,
and chemical composition of our samples were investigated by instruments. Among all samples
annealed under different conditions, Sample 3 showed shell structure and the highest response in
ammonia sensing. Compared with reported works, gas sensors prepared by Sample 3 showed a
much higher response. These prepared sensors also showed outstanding selectivity and stability. The
mechanism of response was revealed, and two factors that contributed to the high sensitivity of the as
prepared sensor were ultrahigh surface-to-volume ratio and high oxygen vacancy density. This work
provided novel structure for conductive materials which were suitable for a high performance gas
sensor. We hope this work will provide new ideas for applications of IV–VI metal monoxides in the
gas sensor field.

2. Experimental Details

2.1. Materials

In this experiment, all chemicals used were of analytical grade and were applied as-received,
without further purification. Thioacetamide and NaOH powder were purchased from Sinopharm
Chemical Reagent Co., Ltd (Shanghai, China). Stannous chloride (SnCl2·2H2O) was purchased from
Aladdin Industrial Corporation (Shanghai, China). Ultrapure water that was used in the experiment
was purified using the Millipore water purification system (Millipore Corporation, Burlington, MA,
USA). N-menthylpyrrolidinone (1-methyl-2-pyrrolidinone) (NMP) was purchased from Sigma-Aldrich
(St. Louis, MO, USA).

2.2. Synthesis Methods

In this experiment, 45 mL of deionized water and 33.75 mg of thioacetamide were introduced into
a 100 mL bottle. After stirring for 1 min, 30 mg of NaOH was added to the bottle. While the solution
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was stirred, 101.54 mg of SnCl2·2H2O was added and the color of the solution became milky white.
The reaction of

SnCl2·2H2O + H2O → Sn(OH)Cl + HCl (1)

took place [25]. Afterwards, the solution was stirred for another 20 min. The suspension was
centrifuged for 20 min at 10,000 rpm and the precipitate was dried at 80 ◦C for 12 h in a vacuum oven.
From our previous study, dried precipitate was Sn6O4(OH)4 which was a precursor of SnO nanoshell.
The precursor showed shell structure and this structure could be kept only annealed under suitable
conditions. In fact, we found only Sample 3 and 5 kept shell structure in subsequent tests and Sample
3 had higher density of shell than Sample 5. The dried precipitate was then annealed under different
conditions. Under specific annealing conditions, the decomposition reaction of precursor

Sn6O4(OH)4 → 6SnO + H2O (2)

took place. In this work, Sample 1, 2, 3, and 4 were obtained after heating from 0 ◦C to 200 ◦C,
250 ◦C, 300 ◦C, and 350 ◦C for 1 h and kept at 200 ◦C, 250 ◦C, 300 ◦C, and 350 ◦C for 1 h, respectively.
Sample 5 was obtained after heating from 0 ◦C to 350 ◦C for 30 min and kept at 350 ◦C for 30 min.
In Supplementary Materials, we have added a flow chart to demonstrate the synthesis process in Figure
S1. To demonstrate the difference between each sample from preparing to investigating, we concluded
Table S1 in Support Information.

2.3. Characterization of Material

Field emission scanning electron microscopy (FESEM, JSM-7000 F, JEOL Ltd., Tokyo, Japan)
was used to determine the morphology of the samples. Transmission electron microscopy (TEM)
and high-resolution transmission electron microscopy (HRTEM) images were obtained using a TEM
(FEI Tecnai G2 F30 S-Twin TEM, Georgia Tech, Atlanta, GA, USA) instrument. Raman spectrum was
obtained using a Raman spectrometer (LabRamHR800, HORIBA, Ltd., Kyoto, Japan) that was excited
by an Ar laser at 514.5 nm under 500 μW. The crystal phase properties of the samples were analyzed
by a Bruker D8 Advance X-ray diffractometer (Bruker, Billerica, MA, USA) with Ni-filtered Cu Kα

radiation at 40 kV and 40 mA and 2θ from 10◦ to 60◦ with a scan rate of 0.02◦. X-ray photoelectron
spectroscopy (XPS) analysis (PHI5000Versaprobe, ULVAC-PHI, Inc. Chigasaki, Kanagawa, Japan) was
used to determine the chemical composition of the products.

2.4. Fabrication and Measurement of the Ammonia Sensor

To fabricate ammonia sensors, 20 mg sample were mixed with 40 μL NMP
(N-menthylpyrrolidinone 1-methyl-2-pyrrolidinone) and were grinded in a mortar for 20 min.
Through a paint pen, the mixture was coated on sensors purchased from Winsen Electronic Technology
Co., Ltd. (Zhengzhou, Henan Province, China). Finally, sensors were welded on substrates.
The configuration of the as fabricated device is shown in Figure 1a. The as fabricated sensor devices
were dried for 20 min at 50 ◦C in a vacuum oven. Then, ammonia gas sensing was tested by Navigation
4000 Series Smart Sensor Tester purchased from Beijing ZhongKe Micro-Nano Networking Science
Technology Co., Ltd. (Beijing, China). The sensor response S was measured by systematically exposing
sensors to different concentrations of ammonia (5 ppm to 200 ppm) at room temperature using the
following equation S = (Gg − Ga)/Ga × 100, while Ga and Gg are the conductance of the sample in air
and ammonia gas, respectively.

97



Nanomaterials 2019, 9, 388

.
Figure 1. Configuration of the as fabricated devices and morphology of as prepared Sample 3.
(a) The configuration of sensor devices. (b,c) TEM (transmission electron microscopy) image of
Sample 3 at different magnifications. (d) TEM image of Sample 3 which expands the top-left section of
(b). (e,f) HRTEM (high-resolution transmission electron microscopy) image of corresponding white
solid frames marked in (c).

3. Results and Discussion

3.1. Characteristic of SnO Nanoshell Material

In this work, Sample 3, annealed and heated from 0 ◦C to 300 ◦C for 1 h and then kept under 300 ◦C
for 1 h, possesses the nanoshell structure and exhibits the highest performance when utilized as the
conductive material of ammonia sensors. The configuration of sensor devices and morphology of the
as-synthesized Sample 3 is shown in Figure 1. Figure 1a shows the configuration of the sensor devices.
Figure 1b shows the TEM image of Sample 3 which exhibits the accumulation of SnO nanoshells.
Figure 1c shows the higher magnification TEM image of the top-left section of Figure 1b. We clearly
observed the shell structure in the top-left region of Figure 1c. Further expansion of the white solid
frame in Figure 1c shows the nanoshell structure with a hollow core, presented in Figure 1d, marked
with white dashed lines. The morphology of Sample 3 in Figure 1 confirmed the existence of the
nanoshell structure. The HRTEM image of the regions within the white solid frames of Figure 1d were
shown in Figure 1e,f, showing a lattice fringe spacing of 0.27 nm and 0.30 nm, which corresponds to
the (110) plane and (101) plane of SnO, respectively [10].

The crystal structure of the as-prepared Sample 3 is shown in Figure 2. Figure 2a shows the X-ray
diffraction of Sample 2. Peaks at 18.2◦, 29.8◦, 33.2◦, 37.1◦, and 47.7◦ correspond to the (001), (101), (110),
(002), and (200) crystal planes of SnO, respectively. All the diffraction peaks can be assigned to SnO
(JCPDS Card No. 06-0395) [10,13]. From the X-ray diffraction, the intensity of (110) and (101) peaks
was much higher than the other which matched well with these two planes and could be found easily
in TEM. In addition, the Raman spectrum of Sample 3 is shown in Figure 2b. The peaks at 112 cm−1

and 210 cm−1 correspond to the B1g and A1g vibration mode of SnO, respectively [26]. In A1g mode, Sn
atoms vibrate towards or away from O atoms. B1g mode corresponds to the out-of-plane vibrations of
O atoms [27]. These characterizations confirmed that this material is SnO. The morphology and Raman
spectra of other samples (Sample 1, Sample 2, Sample 4, and Sample 5) are provided in Figures S2–S5.
From the supplementary material, Sample 3 and sample 5 showed shell structure and the density of
shell structure of Sample 3 is higher than Sample 5.
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Figure 2. Characterization of the crystal structure of Sample 3. (a) X-ray diffraction of Sample 3;
(b) Raman spectrum of Sample 3.

X-ray photoelectron spectroscopy shown in Figure 3 was used to analyze the surface chemical
composition of Sample 3. As shown in Figure 3a, only peaks that correspond to Sn, O, and C were
observed. Figure 3b shows the high resolution spectrum of Sn 3d. Peaks at 485.4 eV and 493.8 eV
correspond to the energies of Sn 3d5/2 and Sn 3d3/2, respectively. The energy gap that reveals the
amount of energy splitting between the two core levels is 8.38 eV, which corresponds to the energy
splitting of Sn2+ [26]. Figure 3c shows the peak that corresponds to the Sn–O bond at 529.4 eV in O 1s
spectroscopy. This result is consistent with previous work [28,29].

Figure 3. X-ray photoelectron spectroscopy of as-prepared Sample 3. (a) Sample 3 has Sn, O in the full
spectrum; (b) High-resolution XPS of Sn 3d; (c) Sn–O bond in O 1s spectroscopy.

3.2. Test of Gas Sensor Device

In the experiment, we prepared 15 samples (three samples for each kind) for ammonia sensing
tests from 0 to 200 ppm. A sketch added in supplementary material Figure S6 was shown to describe
the mechanism. The response of the fabricated ammonia gas sensors, shown in Figure 4, reveals
the huge difference between Sample 3 and other samples. As shown in Figure 4a,b, the response of
Sample 3 is 313%, 874%, 2757%, 3116%, and 3757% under gas concentration of 5 ppm, 20 ppm, 50 ppm,
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100 ppm, and 200 ppm, respectively, which is much higher than the other four samples. This result
demonstrates that the large surface area of the nanoshell structure is able to absorb more ammonia.
The response to different ammonia concentrations is shown in Figure 4c,d. From Figure 4c,d, all
sensors fabricated had approximate linear response to ammonia below 20 ppm. Due to saturation of
absorbance to ammonia, curves have a lower slope after 50 ppm and only the response of Sample 3
and Sample 2 maintain an increasing trend. The accurate response of Sample 3 from 0 to 40 ppm was
shown in Figure S7. This test aimed to reveal that the sensor fabricated with Sample 3 is sufficiently
sensitive to work under lower concentrations. In supplementary material, Table S1 was also used
to compare the differences of each sample. From the table, we concluded that the main factor that
contributed to the highest sensitivity of Sample 3 was its highest surface to volume ratio resulting from
its highest density of shell structure.

Figure 4. Response of ammonia gas sensors using different samples. (a) Response-recovery curves
of the sensors up to 0–200 ppm NH3; (b) Magnification of the black dashed pane in (a); (c) Response
towards five (5–200 ppm) different concentrations of NH3 in air; (d) Magnification of the black dashed
pane in (c).

Response of as fabricated sensors compared with other work mentioned in this paper was shown
in Figure 5a. Results in this figure were normalized as S = (Ra − Rg)/Ra × 100 where Ra and Rg

are the resistance of the sample in air and ammonia gas, respectively. From the histogram, the
response of our sensor is 97%, which is much higher than the other sensing materials reported in the
literature [11–13,15,16]. The mechanism of ammonia sensing is related to the redox reactions. When the
SnO is exposed to air, oxygen will be adsorbed on its surface, and oxygen molecules attract electrons.
As a result, the conductivity of the SnO decreases. Then, when the sensor is exposed to a reducing gas
such as NH3, the reducing gas may react with the adsorbed oxygen molecules and release electrons
into the SnO, thereby increasing the conductivity. During the sensing process, these reactions would
take place:

O2 (gas) → 2O (adsorbed) (3)

O (adsorbed) + e− (from SnO) → O (4)

2 NH3 (adsorbed) + 3 O− → N2 + 3 H2O + 3e− (5)
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Figure 5. Response of as fabricated sensors compared with other work and in different gases.
(a) Response of ammonia sensors compared with other work based on metal oxides. (The result
was normalized as S = (Ra − Rg)/Ra × 100) (b) Response of as fabricated sensors in different
gas environments.

The oxygen adsorption relies on the oxygen vacancy of the material [21]. As prepared SnO is
an unsaturated metal oxide that tends to absorb oxygen and be further oxidized to SnO2. From our
previous work, the photoluminescence of oxygen vacancy on SnO nanoshell was studied which shows
the high oxygen vacancy density of our SnO material [30]. In summary, the high response of our
sensors depends on the high oxygen adsorption with high surface-to-volume ratio and high oxygen
vacancy density of the as-prepared SnO nanoshell. Additionally, we investigated the test of selectivity
of our sensors. Since there are many papers about volatile organic compound sensors based on metal
oxide, we used different volatile organic compounds for comparison [31–34]. In Figure 5b, the response
of our sensors in ammonia is also much higher than that of dry atmosphere or other organic gases.
In the experiment, we used single gas for each test. This confirms the outstanding selectivity of our
sensors. These results show the high performance of our samples. In the supplementary materials, the
response (98 s) and recovery time (30 s) are shown in Figure S8. Comparison of response time and
recovery time with previous work is shown in Table S2. These results show the high performance of
our samples. Furthermore, we investigated the repeatability of the SnO nanoshell materials in a certain
amount of 20 ppm NH3 and found that the SnO nanoshell material possesses good repeatability for at
least one week.

4. Conclusions

In conclusion, we prepared SnO nanoshell through a solution method and annealing. SEM,
TEM, XRD, XPS, and Raman measurements were used to characterize the present samples. The SnO
nanoshell exhibited high responses of 313%, 874%, 2757%, 3116%, and 3757% under gas concentrations
of 5 ppm, 20 ppm, 50 ppm, 100 ppm, and 200 ppm, respectively. The mechanism of ammonia sensing
is related to the redox reactions. From the mechanism, we realized high sensitivity was due to a
large surface area and higher oxygen vacancy of the SnO nanoshell. This material also showed good
selectivity and repeatability in ammonia sensing. This work can potentially aid in the study of similar
structures and applications of IV–VI metal monoxides for real field applications.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/3/388/s1,
Figure S1: schematic figure about the synthesis process of tin mono oxide, Figure S2: characteristic of sample 1,
Figure S3: characteristic of sample 2, Figure S4: characteristic of sample 4, Figure S5: characteristic of sample 5,
Figure S6: schematic figure for the ammonia sensing mechanism of as-prepared sensors, Figure S7: Accurate
response of ammonia gas sensor of sample 3, Figure S8: Response and recovery time of sample 3 (Tested under
20 ppm.), Table S1: Difference of samples in the work, Table S2: Comparison of response and recovery time with
previous work.
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Abstract: Herein, ternary metallic nanocatalysts (NCs) consisting of Au clusters decorated with a Pt
shell and a Ni oxide core underneath (called NPA) on carbon nanotube (CNT) support were synthesized
by combining adsorption, precipitation, and chemical reduction methods. By a retrospective
investigation of the physical structure and electrochemical results, we elucidated the effects of Pt/Ni
ratios (0.4 and 1.0) and Au contents (2 and 9 wt.%) on the nanostructure and corresponding oxygen
reduction reaction (ORR) activity of the NPA NCs. We found that the ORR activity of NPA NCs
was mainly dominated by the Pt-shell thickness which regulated the depth and size of the surface
decorated with Au clusters. In the optimal case, NPA-1004006 (with a Pt/Ni of 0.4 and Au of
~2 wt.%) showed a kinetic current (JK) of 75.02 mA cm−2 which was nearly 17-times better than
that (4.37 mA cm−2) of the commercial Johnson Matthey-Pt/C (20 wt.% Pt) catalyst at 0.85 V vs. the
reference hydrogen electrode. Such a high JK value resulted in substantial improvements in both the
specific activity (by ~53-fold) and mass activity (by nearly 10-fold) in the same benchmark target.
Those scenarios rationalize that ORR activity can be substantially improved by a syngeneic effect at
heterogeneous interfaces among nanometer-sized NiOx, Pt, and Au clusters on the NC surface.

Keywords: oxygen reduction reaction; nanocatalysts; carbon nanotube; wet-chemical reduction
method; Au-clusters; mass activity

1. Introduction

Fuel cells are expected to be commercially feasible to moderate deficiencies in natural energy
resources without increasing the carbon footprint [1–4]. In spite of many fascinating features like
noise-free operation, substantial reductions in pollution, and better efficiencies, the commercial viability
of fuel cells is hindered by the substantially high energy barrier of oxygen reduction reactions (ORR) at
the cathode [5,6]. To reduce the energy barrier to ORR, platinum (Pt)-based heterogeneous catalysts
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seem to be the most effective material [7–9]. Due to the unaffordable costs and low storage potential
of Pt, finding alternative materials for nanocatalysts (NCs) with comparable efficiencies to Pt is an
inevitable step to bringing fuel cells into the market. Meanwhile, lower overpotential losses, long-term
durability, pH working conditions, non-toxicity, and earth-abundant elements are fundamental physical
and economic requirements for usable material combinations. Despite many efforts so far expended
on the development of fuel cells, especially over the past two decades, many hurdles have yet to be
overcome. Several Pt-alloys [10–12], including 3D-transition metals (Co, Ni, Cu, Fe, etc.) together with
core shell nanostructures [13–15], bimetallic nanodendrites [16], nanowires [17], nano-onions, etc. [18],
have been intensively studied in recent decades. In addition, great efforts have been geared towards
size [19], shape [20], and composition [21] controls of Pt-based NCs to overcome the aforementioned
challenges for preparing highly active ORR catalysts. Those studies laid a strong foundation to further
fine-tune the electronic and chemical properties of NCs to extend ORR performances. Promising and
efficient techniques, however, are still far away from attaining commercial standards.

Achieving a reconcilable balance between catalytic activity and noble-metal dosages when
developing NCs for ORRs is still a challenging task. Core-shell structured heterogeneous NCs with
a transition metal (e.g., Co, Ni, Zn, Ru, Fe, and Sn) in the core and a Pt shell seem to be the most
effective design in terms of cost considerations and catalytic activities. In such configurations, the
core crystal injects electrons (or forms a negative field) to the shell crystal via a combination of three
major effects: A bifunctional mechanism [22] (using a variety of adsorption species), ligand effects
(electron localization because of the electronegativity gap between two atoms) [23–25], and the lattice
strain (differences in atomic arrangements between intraparticle domains) [26–28]. Moreover, such
elements, owing to low-energy pathways, provide the opportunity for allocation and recombination
kinetics of radicals (i.e., O*, OH*, and H*) in H2O and reduce durations of intermediate steps on NC
surfaces. Meanwhile, the Pt-shell protects transition metals in the core from corrosive conditions at
fuel cell cathodes.

The presence of Au in heterogeneous NCs offers electronic, geometric, and compositional effects
to tune catalytically active sites that were found to be effective for ORR [29,30]. We further improved
the ORR activities of such NCs via decorating strong electronegative atomic-scale Au clusters at the
interface and on the surface of Pt-stacked transition metal nanocrystallites. Au clusters not only recover
surface defects but also form indirect heterojunctions to the core crystal and localize valence electrons
from neighboring atoms using strong electronegative forces. Meanwhile, Pt forms an unconformable
shell, which protects the core crystal from corrosion and shares ORR pathways, including O2 splitting
and relocation kinetics of O-atoms, and thus avoids highly energetic intermediates and their associated
kinetic penalties. Our previous work demonstrated a facile approach to trigger ORR activity via
Pt-decorated core-shell structures [31–35]. Those ternary metallic NCs consisting of lower dosages of
Pt showed distinct activity towards ORR facilitation but with reduced fabrication costs.

This study implemented an innovative sequence and time-controlled wet-chemical reduction
method to synthesize Au cluster-decorated Nicore-Ptshell NCs. The inner structure (heterogeneous
intra-/interparticle interfaces and lattice strain) and surface coverage of such NCs were altered via
changing the dosages of Au and Pt. In this event, a series of carbon nanotube (CNT)-supported
ternary metallic NCs comprising a Ni/NiOx core and an Au cluster-decorated Pt-shell (called NPA)
were synthesized with variable shell thicknesses (with Pt/Ni ratios of 0.4 and 1.0) and Au contents
(~2 and 9 wt.%) on the surface. Such synthesized NCs with unique multiphase cluster-in-cluster
interfaces and surface modifications preserved improved catalytic activities towards ORRs in an
alkaline environment (0.1 M KOH). Of greatest relevance, the mass activity (MA) and kinetic current
density (Jk) of NPA-1004006 (with a Pt/Ni ratio of 0.4 and Au of ~2 wt.%) were improved by 10.36-
and 17.16-fold, respectively, compared to those of commercial the Johnson Matthey-Pt/C (20 wt.%
Pt) catalyst. At the same time, multiple metallic interfaces contributed to the lower electrochemical
surface area (ECSA) with a shift of the Pt oxide reduction peak to more-positive potentials which thus
improved the specific activity (SA) by 53.21-fold that of the commercial Johnson Matthey-Pt/C catalyst.
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Herein, our findings present a proper strategy for the design of heterogeneous NCs by managing their
local structure through controlling the surface and inner configurations. Systematic interpretations of
the experimental results are given in latter sections.

2. Experimental

2.1. Synthesis Methodology and Materials for Preparing Ni Core-Pt Shell (Ni@Pt) NCs

Ni@Pt NCs were synthesized using a sequential wet-chemical reduction method [32]. Scheme 1
reveals the reaction steps of the synthesis methodology. Prior to NC synthesis, surface functionalization
of catalyst support (multi-walled CNT (MWCNT), Cnano Technology Ltd., Beijing, China) was carried
out via acid-treatment in 4.0 M H2SO4 at 80 ◦C for 6 h. In this way, the attachment of metallic crystals
onto the CNT surface was strengthened. First, 500 mg of MWCNTs (5 wt.% solution in ethylene glycol
(EG)) was added as catalyst support in 1.28 g of an aqueous solution, which contained 0.1 M nickel (II)
chloride hexahydrate (NiCl2·6H2O, Showa Chemical Co. Ltd., Tokyo, Japan), and then this was stirred
at 200 rpm for 6 h. The mixture (Ni2+ adsorbed CNT; CNT-Niads) contained 0.128 mmoles (7.5 mg) of
Ni metal ions in a metal loading of Ni/CNT of 30 wt.%. After stirring, 5 mL of a water solution with
0.0386 g NaBH4 (99%, Sigma-Aldrich, St. Louis, MO, USA) was added (step 2) to samples prepared in
the first step and stirred at 200 rpm for 10 s. After that, metastable Ni metal nanoparticles (NPs) were
formed (Ni/CNT sample). In step 3, 1.28 g of a Pt precursor solution, 0.128 mmoles Pt metal ions (i.e.,
0.1 M), was added to the Ni/CNT sample, and then a thin layer of Pt crystals on the surface of nickel
NPs (namely Ni@Pt-1010) was formed. In this step, Pt ions could be reduced by an excessive amount
of NaBH4 added in step 2 and deposited on the Ni surfaces. According to different Pt/Ni molar ratios,
Pt shells with different thicknesses were obtained. The Pt precursor solution was prepared by diluting
∼1.0 g H2PtCl6·6H2O (99%, Sigma-Aldrich Co., Burlington, MA, USA) to 18.36 g with distilled water.
In the remainder of this article, Ni@Pt NCs with Pt/Ni atomic ratios of 1.0 and 0.4 are called Ni@Pt-1010
and Ni@Pt-1004, respectively.

Scheme 1. Crystal growth pathways of Au-decorated Ni@Pt (NPA) nanocatalysts (NCs) with variable
Pt/Ni ratios. Among them, pathways A, B, and C respectively correspond to chemisorption of Au3+,
galvanic replacement of Au3+ with Ni0, and redeposition of Ni2+ on the Ni@Pt surface. Steps i and ii
refer to the respective addition of 2.0 and 9.0 wt.% of Au3+ to the reaction system.
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2.2. Synthesis of Atomic Au Cluster-Decorated Ni Core-Pt Shell (NPA) NCs

A precursor solution of Au was prepared by diluting ∼13.3 mg HAuCl4·3H2O (99.0%,
Sigma-Aldrich Co., Burlington, MA, USA) to 500 mg with distilled water. After 20 min, once
the reaction was complete in step 3, an appropriate amount of the prepared Au solution was added
to a solution to make Au/Pt atomic ratios of 0.06 and 0.2. During this stage, Au clusters formed and
were intercalated in the Pt shell region through a galvanic replacement reaction of Au3+ with Pt, and
then with the reducing agent, NaBH4, these metal ions decreased. Finally, products of atomic Au
cluster-decorated Ni@Pt (NPA) NCs were obtained. The resulting precipitate was washed several times
with acetone, centrifuged, and then dried at 70 ◦C. In the remainder of this article, Au cluster-deposited
Ni@Pt-1004 NCs are called NPA-1004006 and NPA-100402 for 2 and 9 wt.% Au loadings, respectively.
Furthermore, Au cluster-deposited Ni@Pt-1010 NCs were named NPA-1010006 and NPA-101002 for 2
and 9 wt.% Au loadings, respectively.

2.3. Physical Characterizations of NPA NCs

Physical properties of the prepared NCs were determined by cross-referencing results of
microscopic and X-ray spectroscopic techniques. High-resolution transmission electron microscopic
(HRTEM) characterizations were carried out at the electron microscopy center of National Sun Yat-Sen
University (Kaohsiung, Taiwan). X-ray photoemission spectroscopy (XPS) of the experimental NCs
was executed at beamlines BL-24A1 of the National Synchrotron Radiation Research Center (NSRRC)
(Hsinchu, Taiwan). X-ray diffraction (XRD) patterns were collected at an incident X-ray wavelength of
1.5406 Å (8.04 keV) at Taiwan beamline of BL-12B2 in Spring-8 (Hyogo, Japan).

2.4. Preparation of the Electrode and the Method for the ORR Activity Experiment

Catalyst ink for the ORR experiment was made by dispersing 5.0 mg of catalyst powder in a
solution consisting of 1.0 mL isopropanol and 50 μL Nafion-117 (99%, Sigma-Aldrich Co., Burlington,
MA, USA). This mixture was subjected to ultrasonication for 30 min prior to the ORR test. To conduct
the ORR test, 10.0 μL of catalyst ink was drop-cast and air-dried on a glossy carbon rotating disk
electrode (RDE) (0.196 cm2 in area) as the working electrode. The Hg/HgCl2 (with the voltage calibrated
to 0.242 V, to align with that of the reference hydrogen electrode (RHE)) electrode saturated in a KCl
aqueous solution and a platinum wire were respectively used as the reference and counter electrodes.
The ECSAs of the experimental catalysts were calculated by acquiring the columbic charge for reduction
of the monolayer Pt oxide after integration and double-layer correction using the following equation:

ECSA =
QPt

Qre f ×m
; (1)

where Qref is the charge required for reduction of the monolayer oxide from the bright Pt surface (i.e.,
0.405 mC cm−2), m is the metal loading, and QPt is the charge required for oxygen desorption, as calculated
by following equation:

QPt =
1
υ

∫
(I − Id)dE. (2)

Here, υ is the scan rate for the cyclic voltammetric (CV) analysis, and integral parts refer to the
area under the Pt oxide reduction peak on CV curves. The kinetic current density (JK) and number of
electrons transferred in ORRs were calculated based on the following equations:

1
J
=

1
JK

+
1
JL

=
1
JK

+
1

Bω0.5 and (3)

B = 0.62nFCO2DO2

2
3 ν− 1

6 ; (4)

where J, JK, and JL are the experimentally measured, mass transport free kinetic, and diffusion-limited
current densities, respectively. ω is the angular velocity of the electrode, n is the transferred electron
number, F is the Faraday constant, CO2 is the bulk concentration of O2, DO2 is the diffusion coefficient,
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and v is the kinematic viscosity of the electrolyte. For each NC, the MA and SA were respectively
obtained when JK was normalized to the Pt loading and ECSA. Details of the procedure for the ORR
mass activity calculation are given in electronic supplementary information (ESI).

2.5. Electrochemical Measurements

Electrochemical measurements were carried out at room temperature (25 ± 1 ◦C) using a
potentiostat (CH Instruments Model 600B, CHI 600B; Hsinchu, Taiwan) equipped with a three-electrode.
Cyclic voltammetry (CV) and linear sweep voltammetry (LSV) data were measured at voltage scan
rates of 0.02 and 0.001 V s−1, potential ranges of 0.1~1.3 V (vs. the RHE.) and 0.4~1.1 V (vs. the RHE)
in an aqueous alkaline electrolyte solution of 0.1 M KOH (pH 13). A rotation rate of 400~3600 rpm was
used for LSV. N2 and O2 atmospheres were used for CV and LSV, respectively.

3. Results and Discussion

The particle shape, near-surface configurations, and crystal structure of the experimental NCs
were determined using HRTEM analyses. As shown in Figure 1a, Ni@Pt-1004 NPs (Pt/Ni ratio = 0.4)
had ordered atomic arrangements at (111) facets exposing the surface (denoted by red arrows). The
presence of a clear twin boundary (denoted by a white line) suggested the formation of semi-coherent
interfaces. The interplanar spacing of the (111) facet was determined to be 2.239 Å. This value is
about 1.25% smaller than that of the Pt-CNT (2.267 Å) indicating the presence of compressive lattice
strain in the shell region. With an average particle size of 2.64 nm in (111) facets (determined by an
XRD analysis described in a later section), the surface-to-bulk ratio was estimated to be ~50% In this
event, considering the ideal case of conformal deposition of Pt atoms by chemisorption and reduction,
formation of an incomplete Pt shell over the Ni-core crystal was expected. In contrast, Ni@Pt-1010
NPs (Figure 1d) had grown into isotropic spheres, which comprised a complete Pt-shell and Ni core
crystal underneath, and this was also confirmed by XPS analyses in a later section. Compared to that
of Ni@Pt-1004 NPs, a higher extent of surface defects (denoted by yellow arrows) was observed in
Ni@Pt-1010 NPs. The average particle size of Ni@Pt NCs was observed to be around 2~3 nm, which is
consistent with XRD findings in a subsequent section.

Shown in Figure 1b, compared to that of Ni@Pt-1004 NPs, the diameter of NPA-1004006 (i.e.,
Ni@Pt-1004 NC decorated with 2.0 wt.% of Au atoms) nearly doubled by mixing with Au3+ ions for
2 min, followed by the addition of a reducing agent (NaBH4). NPA-1004006 particles grew in a disk-like
shape (Figure 1b) with twin boundaries between the NPs. With a nearly identical coherent length
to that of Ni@Pt-1004, the large particle was an agglomeration cluster with structural modulations
at semi-coherent interfaces between NPs by the galvanic replacement of Au3+ to core (Pt/Ni) metals
simultaneously with the reduction of residual Pt4+, Ni2+, and Au3+ ions by the reducing agents.
Such a hypothesis was confirmed by XRD and XPS analyses in later sections. With an incomplete Pt
shell structure, certain parts of the NiOx core were exposed to the liquid environment. In this event,
a high content of Ni atoms participated in the galvanic replacement reaction by interacting with Au3+

ions. Therefore, Au atoms tended to form metallic clusters between the NPs. As shown in Figure 1c,
with a further increase of Au loading to 9 wt.% (NPA-100402), discrete local domains were formed
with lattice fringes pointing in different directions (denoted by green arrows). Such a characteristic
further revealed severe galvanic replacement of the NiOx core followed by agglomeration of Ni@Pt
NPs by reduction and deposition of residual metal ions in their interfaces. In this event, because of
sufficiently high Au loading, the majority of Au atoms were deposited on the top of and between
the NPs. Compared to that of Ni@Pt-1004, restructuring of Ni@Pt-1010 by Au3+ was insignificant.
As shown in Figure 1e,f, particles tended to grow in a core-shell structure with highly ordered atomic
arrangements on the surface with increasing Au contents. Such a characteristic was consistently proven
by an XRD analysis, which showed that the coherent length of the Pt crystal (111) facet had increased
from 2.72 to 3.34 ± 0.1 nm by adding 2.0 wt.% of Au atoms (namely NPA-1010006). Compared to that
of NPA-1010006, further increasing Au atoms to 9 wt.% reduced the coherent length to 3.03 ± 0.1 nm,
which could be attributed to restructuring between Pt crystals and Au3+ ions followed by formation of
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Au crystals in the shell region (shown by the presence of a shoulder on the left hand side of the Pt (111)
peak). EDX results of NPA-1004006 NC has been shown in Figure S1.

Figure 1. HRTEM images of experimental nanocatalysts (NCs). (a) Ni@Pt-1004 NC with Pt/Ni
ratios of 0.4 (b) and 2.0 wt.% Au-cluster-decorated NI@Pt-1004 NCs (NPA-1004006), (c) 9.0 wt.%
Au-cluster-decorated NI@Pt-1004 NCs (NPA-100402), (d) Ni@Pt-1010 NCs with Pt/Ni ratios of 1.0 (e) and
2.0 wt.% Au cluster-decorated NI@Pt-1010 NCs (NPA-1010006), and (f) 9.0 wt.% Au cluster-decorated
NI@Pt-1010 NCs (NPA-101002).

Lattice strain, the coherent length (Davg), and the crystallinity of pristine NCs were revealed
by XRD analyses. Figure 2 compares XRD patterns of the experimental NCs. Values of the Davg of
experimental NCs were calculated from the XRD peak broadening of (111) facets using the Scherrer
equation, and their corresponding structural parameters are summarized in Table 1. As indicated in
Figure 2, peaks X1 and X2 centered at 40.2◦ and 46.4◦ respectively refer to diffraction signals from
(111) and (200) facets of metallic-phase Pt nanocrystals in the NCs. In an XRD pattern, the peak width
denotes the relative dimension of long-range ordering in specific facets (i.e., the coherent length, Davg)
and the ratio of peak intensities between the (111) and (200) facets (i.e., h (111)/h (200)), which refers to
the extent of preferential crystal growth for samples under investigation. For Ni@Pt NCs (Figure S2),
the Davg increased by 0.1 nm, which could be attributed to the formation of thin layers of Pt in the shell
region over the Ni core crystal with Pt/Ni ratios of 0.4 (Ni@Pt-1004) and 1.0 (Ni@Pt-1010) (Table S1).
A slight shift in diffraction peaks to the low-angle side features lattice expansion by increasing Pt/Ni
ratios from 0.4 to 1.0. Meanwhile, the suppression of NiOx peaks again consistently revealed increased
shell coverage with Pt loading. An even closer inspection of Davg values in (111) and (200) facets reveals
the morphology of NCs. The Pt-CNT possessed the highest D (111)/D (200) ratio of 1.33 (higher D (111))
and thus the largest extent of preferential crystal growth along the (111) facet among the experimental
NCs. Such a result rationalizes the intrinsic nature of the atomic arrangement in close-packed facets in
Pt metal. For Ni@Pt-1004, compared to that of Pt-CNT, the D (111)/D (200) ratio decreased by 0.22,
which could be attributed to the competition of crystal growth between galvanic replacement of Pt4+ to
Ni atoms in the open-(High-Miller-index facets) and Pt deposition in close-packed facets (111). In this
status, a semi-coherent lattice match was found between facets with truncated surfaces, which can
be explained by the formation of twin boundaries as revealed on HRTEM images (Figure 1a). For
Ni@Pt-1010, high contents of Pt4+ ion reduction and deposition on the NC surface induced severe
galvanic replacement to the NiOx core. Such a phenomenon mostly occurred at interfaceted corners
and edges resulting in a high content of surface truncation in NCs. In this event, NCs tended to form a
spherical shape (Figure 1d) due to the strong competition of galvanic replacement to Pt deposition,
which was confirmed by a substantially reduced D (111)/D (200) ratio (0.95) compared to that of Pt-CNT.
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Table 1. Structural parameters of experimental nanocatalysts (NCs) and control samples as determined
by XRD and TEM.

Sample Pt (111) Facet Pt (200) facet Au (111) Facet Au (200) facet

d (Å) D (nm) d (Å) D (nm) d (Å) D (nm) d (Å) D (nm)
Pt-CNT 2.267 3.52 ± 0.1 1.969 2.63 ± 0.1

Ni@Pt-1004 2.239 2.64 ± 0.1 1.955 2.38 ± 0.1
NPA-1004006 2.252 3.03 ± 0.1 1.962 2.50 ± 0.1 2.362 8.24 ± 0.1 2.049 8.09 ± 0.1
NPA-100402 2.266 2.35 ± 0.1 1.965 2.92 ± 0.1 2.352 8.85 ± 0.1 2.043 4.85 ± 0.1

Ni@Pt-1010 2.244 2.72 ± 0.1 1.955 2.86 ± 0.1
NPA-1010006 2.245 3.34 ± 0.1 1.949 3.01 ± 0.1 2.318 1.75 ± 0.1 2.331 2.63 ± 0.1
NPA-101002 2.254 3.03 ± 0.1 1.960 2.98 ± 0.1 2.046 1.91 ± 0.1 2.046 2.88 ± 0.1

Here “d” and “D” refers to interplanar spacing and average particle size respectively.

After adding different contents of Au to Ni@Pt-1004 NCs (Figure 2a), changes in the lattice strain
and crystallinity were obvious due to atomic restructuring. In the case of Ni@Pt-1004 NCs, because
of a lower Pt-content (Pt/Ni ratio of 0.4), complete coverage of the Ni-core from Pt atoms was not
possible. Thus, with a lesser Au content (NPA-1004006), most of the Au atoms were intercalated with
Pt atoms, which aggregated between NCs as revealed by the smeared diffraction peaks across the (111)
and (200) facets. Restructuring by formation of Au-rich areas at high-order facets (i.e., (200)) between
NCs was significant. These characteristics resulted from the spontaneous trans-metalation between
Au3+ ions and Ni metal atoms (galvanic replacement) accompanied by redeposition of Ni/Au atoms
in shell crystals. Such a phenomenon was consistently proven by the suppressed diffraction signals
(peaks M1 and M2) of the Au (111) and (200) facets. Further increasing the Au loading to 9 wt.%
(NPA-100402) led to obviously increased diffraction signals for the Au (111) and (200) facets, which
revealed the presence of discrete Au clusters (~2 nm) on the surface. At the same time, some of the Au
atoms tended to deposit on the shell and core regions. Restructuring of Ni@Pt-1010 by interacting
with Au3+ ions showed a completely different behavior compared to that of Ni@Pt-1004. As shown in
Figure 2b, diffraction peaks X1 and X2 were not smeared; on the other hand, they were enhanced by the
increasing Au contents from 2.0 to 9.0 wt.%. Such characteristics reveal that the long-range ordering of
Ni@Pt NCs was improved by Au decoration. In the absence of diffraction peaks from the Au metal
phase and the enhanced Au-4f photoemission peaks (Figure S6, in supplementary information), one
can notice that the galvanic replacement of Au3+ to the NC surface was suppressed, which suggests
conformal deposition of Au atoms in the Pt-rich shell.

Figure 2. X-ray diffraction patterns of experimental nanocatalysts (NCs) (a) NPA-1004006 and
NPA-100402 NCs compared to that of the control sample (Ni@Pt-1004), and (b) NPA-1010006 and
NPA-101002 NCs compared to that of the control sample (Ni@Pt-1010). Peaks “X1” and “X2” respectively
correspond to diffraction signals from the (111) and (200) facets of NCs (Pt). In contrast, peaks “M1”
and “M2” respectively correspond to diffraction signals from the (111) and (200) facets of NCs (Au).
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The XPS analysis was performed in order to investigate the surface chemical composition (1~2 nm
from the surface) and binding energy (BE) of elements in experimental NCs. The incident X-ray with
an excitation energy of 650 eV corresponding to a probing depth of ~2.6 nm was employed to probe
the Pt-4f, Ni-2p, and Au-4f orbitals. Figure 3 reveals the typical fitted XPS spectra in the Pt-4f region
of experimental NCs. In the Pt-4f spectrum, doublet peaks at 71 and 74 eV, respectively, emerged as
photoelectron emission lines from the Pt-4f7/2 and Pt-4f5/2 orbitals. The peaks are further deconvoluted
to separate the signals from different oxidation states, and corresponding results are given in Table 2.
Through an analysis of XPS patterns of Ni@Pt-1004 and Ni@Pt-1010 NCs (Figure 3a,b), it can be seen
that most of the Pt was in a zero-valence state (metallic state). In contrast, from the XPS spectra of
Ni-2p orbitals (Figure S3), it is clearly evident that Ni is present in an oxidized (NiOx) form in both
Ni@Pt NCs (i.e., Ni@Pt-1004 and Ni@Pt-1010). An even closer inspection of the intensities of the XPS
spectra of Ni-2p (Figure S3) revealed that NiOx signals in Ni@Pt-1010 NCs were very much suppressed
compared to those of Ni@Pt-1004 NCs. These spectral characteristics confirmed the core-shell structure
of Ni@Pt-1010 NCs comprising a Ni core and Pt in the outermost layer. Meanwhile, the profound
intensities of Ni-2p emission peaks in Ni@Pt-1004 NC refer to an incomplete Pt-shell over an underlying
Ni-crystal. Those results again confirm prior HRTEM and XRD findings.

Figure 3. X-ray photoemission spectroscopy of experimental nanocatalysts (NCs). (a) Pt-4f/Ni-3p
orbitals of Ni@Pt-1004, NPA-1004006, and NPA-100402. (b) Pt-4f/Ni-3p orbitals of Ni@Pt-1010,
NPA-1010006, and NPA-101002.

Table 2. Comparative XPS-determined composition ratios and binding energies of experimental
nanocatalysts.

Sample Binding Energy (eV) Chemical State Composition (%)

Pt 0 Pt 2+ Pt 4+ Pt 0 Pt 2+ Pt 4+

Ni@Pt-1004 71.24 72.45 73.68 70 21 9
NPA-1004006 71.20 72.34 73.78 74 19 7
NPA-100402 71.20 72.58 73.8 64 26 10
Ni@Pt-1010 71.23 72.45 73.79 68 22 10

NPA-1010006 71.16 72.11 73.74 75 19 6
NPA-101002 71.15 72.5 73.81 70 22 8
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For Au-cluster-decorated Ni@Pt-1004 NCs (Figure 3a), significant restructuring of the surface
atomic arrangement was observed. NPA-1004006 NCs (2 wt.% Au) exhibited a higher extent of
zero-valent Pt (Pt0) contents on the surface compared to that of NPA-100402 (9 wt.% Au). More
evidence of such atomic restructuring came from the XPS analysis of Ni-2p orbitals (Figure S4).
Compared to that of Ni@Pt-1004, we observed that the intensity of the Ni-2p emission peak was
gradually suppressed with an increasing amount of Au of 2 to 9 wt.%. Intensities of emission peaks
in an XPS spectrum are positively related to the electron density in probing orbitals of target atoms.
Therefore, the higher intensity found in the curve of NPA-1004006 revealed that its most abundant 2p
electrons were Ni atoms, compared to that of NPA-100402 NCs. Similar spectral changes were observed
for Au-cluster-decorated Ni@Pt-1010 NCs (Figure 3b). Obtained XPS results were very consistent with
former structural characterizations. The difference in binding energy of the 4f7/2 orbital of zero-valent
Pt (Pt0) was not obvious in the experimental NCs, revealing that electron relocation between Pt and
neighboring atoms was nearly absent. For comparison XPS spectra of Ni@Pt-1010, NPA-1010006 and
NPA-101002 at Ni-2p orbitals are compared in Figure S5.

XPS spectra of experimental samples of Au-4f orbitals are compared in Figure S6. Accordingly,
intensities of Au-4f5/2 and Au-4f7/2 peaks increased with Au contents from 2 (NPA-1004006) to 9 wt.%
(NPA-100402). Such a phenomenon shows the increasing exposure of Au with loading, which again
consistently proves the formation of Au clusters in Ni@Pt NCs with an incomplete shell structure.
In the case of Ni@Pt-1010, when the Au loading was 2.0 wt.%, the doublet peaks in the Au-4f orbital
were insignificant. Such a result can be complimentarily explained by the crystal structure parameters.
As indicated in Figure 2b, a significant improvement in Pt crystallinity was found, and diffraction peak
shifts were absent when decorated with 2 wt.% of Au atoms on the Ni@Pt surface. These features
indicate the formation of atomic Au clusters on the NiOx@Pt surface. Therefore, the presence of
weak emission peaks suggests a discrete and smeared 4f orbital of Au atomic clusters that were finely
dispersed in surface defect sites of NiOx@Pt NCs. By increasing Au to 9 wt.%, pronounced Au-4f peaks
rationalized the formation of Au sub-nano- or nanoclusters, as revealed by presence of a diffraction
shoulder on the low-angle side of X1 (111) and a pronounced intensity in X2 (200) peaks.

By cross-referencing results of the physical characterization, the effects of Au3+ loading and Pt
contents on the evolution of atomic structures of Ni@Pt NCs was systematically determined, and
corresponding structural models are given in Scheme 1—where the upper and lower layers respectively
present changes in the atomic structure with increasing Au3+ loading for Ni@Pt-1004 and Ni@Pt-1010.
Accordingly, a significant galvanic replacement on oxidation followed by dissolution of Ni0 to Ni2+

appeared by interacting Ni@Pt-1004 with 2 wt.% of Au3+ (step i in the upper layer of Scheme 1) with
the reaction of Au3+ + Ni0 (or Pt0) Au0 + 3/2Ni2+ (or 4/3Pt4+), where Au3+ has a higher selectivity for
Ni0 than Pt0 due to the larger electronegativity difference. In this event, Au atoms tended to penetrate
the core region, thus resulting in the coexistence of nanosized Au and Pt clusters in NiOx@Pt NPs.
By increasing the loading to 9 wt.%, galvanic replacement between Au3+ ion and core crystals was
further enhanced, which caused the severe interparticle agglomeration by dissolution of core metal
atoms accompanied by the rapid redeposition of residual metal ions between interfaces (i.e., regions
a, b, and c in step ii of the upper layer of Scheme 1) of the NPs. Compared to those of Ni@Pt-1004,
the effects of Au3+ loading on the structural evolution were suppressed by the high contents of the Pt
shell structure in Ni@Pt-1010. As shown in the bottom layer of Scheme 1, Au3+ tended to be adsorbed
and was reduced by NaBH4 to form atomic clusters on the NP surface with a loading of 2.0 wt.%
(NPA-1010006). By increasing the loading to 9.0 wt.%, the Au3+ ions tended to form homoatomic
bonds and thus grew into sub-nanometer crystals on the NPA-101002 surface (step ii in the bottom
layer of Scheme 1). These atomic structural arrangements provide direct information explaining ORR
activities of the experimental NCs.

In heterogeneous catalysts, dissociation of chemisorbed oxygen molecules (i.e., the oxygen
adsorption strength) is a cardinal performance-determining factor in ORRs. Lowering the oxygen
adsorption energy reduces the applied energy for initiating ORRs at reaction sites and relocating them
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to neighboring atoms. In this way, the reaction kinetics and ORR activities of NCs can be substantially
improved. In this study, the surface composition design of catalysts within the sub-nano scale played a
key role in ORR performances of the NCs. By cross-referencing physical inspection results (the upper
layer of Scheme 1), the surface chemical configuration of NiOx@Pt comprised mixtures of sub-nano Au
and Pt clusters in the shell region and Au clusters intercalated with NiOx in the core when the Pt/Ni
ratio was 0.4 and Au was 2.0 wt.% With an Au content of 9.0 wt.%, severe interparticle agglomeration
due to galvanic replacement (Au3+ + Pt/Ni→ Au + Pt4+/Ni2+) accompanied by Au crystal growth and
redeposition of residual metal ions between NCs occurred. All three pathways dramatically reduced
the degree of heteroatomic intermixing on the surface among reaction sites; therefore, ORR activities of
those NCs were substantially suppressed.

Results of the electrochemical analyses consistently elucidated the above scenarios. Figure 4a
compares CV curves of the commercial Johnson Matthey-Pt/C catalyst (Johnson Matthey-Pt/C) with the
experimental NCs (i.e., Ni@Pt-1004, NPA-1004006, and NPA-100402). Electrochemical active surface
areas (ECSAs) are calculated based on corresponding CV curves using the oxygen desorption peak in
the backward potential sweeping curve (detailed ECSA data of various ORR catalysts are listed in
electronic supplementary information in Table S2). Three distinctive potential regions are found in
a CV curve, including an under-potential deposition of hydrogen (UPD-H) region at 0 < E < 0.4 V,
a double-layer region between 0.4 and 0.6 V, and chemisorption of oxygen species at >0.6 V vs. the
RHE because of hydrogen adsorption/desorption, OH- ligand chemisorption, and the formation of
alpha Pt oxide (EO

ads; forward scan) as well as a reduction in Pt oxides (EO
des; backward scan). In this

way, the position and width of each peak are susceptible to the chemical composition and structure
of the NC surface. For the Johnson Matthey-Pt/C, positions of two characteristic peaks (H1 and H2)
in the forward scan denoted the potential to be applied for dissociation of H+ from close-packed
(111) and opened (200) facets and the corresponding current, respectively. In contrast, peaks H1*
and H2* respectively refer to current responses of H+ adsorption in the (111) and (200) facets. For
Ni@Pt-1004, compared to the CV profile of the Johnson Matthey-Pt/C, a downshift of peaks H1 and H2

in the forward scan and an upshift of peaks H1* and H2* in the backward scan refer to a decreased
energy barrier for redox desorption/adsorption of H+. As consistently shown by XRD observations,
a substantially higher intensity of peak H1 than that of peak H2 (i.e., weakened H+ interactions on
(200) facets) revealed preferential crystal growth at (111) facets in all experimental NCs.

Compared to that of the Johnson Matthey-Pt/C, Ni@Pt-1004 showed a higher surface area for
H2 evolution as revealed by the larger area of the UPD_H region. Meanwhile, the broadened and
smeared UPD_H peaks revealed a high density of surface defects in Ni@Pt-1004. This statement is
consistently illustrated by the pronounced oxygen adsorption peak (EO

ads) with a potential shift by ca.
~0.17 V (i.e., easy oxidation of the Ni@Pt-1004 surface) compared to that of the Johnson Matthey-Pt/C.
Compared to the CV profile of NCs without Au decoration, a slight amount of Au decoration reduced
the surface defect sites of Ni@Pt-1004, as consistently revealed by the significant suppression of the
EO

ads and EO
des peaks in NPA-1004006. Moreover, the position of the oxide reduction peak (EO

des)
was upshifted to high-potential sites at the same time. These two observations integrally bring out
the fact that atomic decoration by Au clusters can fix the defect and simultaneously suppress the
surface oxidation on the Ni@Pt-1004 surface. In the presence of discrete 4f orbitals in atomic clusters,
a strong repulsive force to the chemisorbed O (Oads) was formed at Au atoms. This relocated the
Oads to neighboring atoms around the Pt and Au interfaces and thus substantially boosted the ORR
kinetic current (Jk) of NPA-1004006 to ∼75 mA cm−2 (details discussed below in the LSV analysis,
Figure 4c). For NPA-100402, the H+ adsorption peak, “H1*”, in the backward scan together with
a smeared CV profile in forward scan was observed in the UPD_H region. Such a feature can be
rationalized by its nanostructure, where the surface of the NC consists of nanosized Au/Pt clusters.
Meanwhile, a severe interparticle agglomeration by the strong galvanic replacement accompanied by
rapid reduction of residual metal ions was found (Figure 1c, Scheme 1); therefore, the heteroatomic
intermix and the amount of reaction sites dramatically decreased. Formation of cluster-in-cluster
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structures turned 4f orbitals from a discrete state into a band structure. In this state, both the Au and Pt
atoms possessed bulk properties, and consequently the Jk of NPA-100402 was dramatically reduced by
87% (65.62 mA cm−2) to 9.4 mA cm−2 (Table S2), compared to that of NPA-1004006. This value was
even lower than that of Ni@Pt-1004, indicating that the impact of the heterogeneous interface between
nanoclusters on ORR activity was limited.

On the other hand, as shown in Figure 4b, changes in profiles in CV curves were insignificant by
decoration with Au atoms on Ni@Pt-1010. In the case of 2.0 wt.% Au decoration, a slight suppression
of both EO

ads and EO
des was found for NPA-1010006 NCs compared to that of Ni@Pt-1010. These

characteristics resemble the same redox response to O adsorption and desorption when decorating
Au atomic clusters on the Ni@Pt-1004 surface. Increasing the Au content to 9.0 wt.% did not further
suppress the redox peaks of O evolutions (EO

ads/EO
des); however, they moved in an opposite direction.

Due to the strong preference for homoatomic bonding, Au atoms tended to form sub-nano clusters
instead of a conformal coating or defect sites on NC Pt surfaces. Those characteristics reduced the
heteroatomic intermix and amount of O2-splitting sites in NCs. The former suppresses intrinsic activity,
and the latter reduces the number of active sites; therefore, the Jk of NPA-101002 was substantially
reduced by 70% (to ∼22 mA cm−2), compared to that of NPA1010006. Again, given that most of the
Au atoms were deposited as sub-nanometer clusters or atomic clusters (shown by absence of an Au
diffraction peak in the XRD pattern of Figure 2b), a high Jk (∼22 mA cm−2) was expected.

Figure 4. Electrochemical analysis of experimental nanocatalysts (NCs). (a,b) CV and (c,d) LSV curves
of experimental NCs compared to a commercial Johnson Matthey-Pt/C NC. Potential sweeping curves
were measured at a rotation speed of the electrode of 1600 rpm.

To further rationalize the impacts of Au decoration and Pt contents on ORR activities of Ni@Pt
NPs, an LSV analysis was employed. Figure 4c,d demonstrates LSV curves of NPA compared to
control samples (Ni@Pt-1004 and Ni@Pt-1010) and the Johnson Matthey-Pt/C, where corresponding
electrochemical parameters are summarized in Figure 5, and Tables S2 and S3. As shown in Figure 4c
and Table S2, the onset potential (Voc vs. the RHE) of experimental samples followed the trend of
the Johnson Matthey-Pt/C (0.910 V) <NPA-1004006 (0.964 V) <NPA-100402 (0.969 V) <Ni@Pt-1004
(0.990 V). Among them, the highest Voc indicates the lowest activation energy for initiating ORRs
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on Ni@Pt-1004 surfaces and can be rationalized by a large extent of heteroatomic intermix between
Pt and Ni sub-nanoclusters. On such a surface, Pt clusters are in charge of splitting (dissociating)
the oxygen molecule (O2). After O2 splitting, the two chemisorbed oxygen atoms are relocated to
the high-oxygen-affinity Ni atoms for the subsequent reduction reaction. Since the dimensions of
Pt clusters are quite small (i.e., the interface ratio between Ni domain is high), a rapid relocation of
chemisorbed oxygen atoms to Ni sites is expected; therefore, the Jk of Ni@Pt-1004 doubled compared to
that of the Johnson Matthey-Pt/C. By decorating with 2.0 wt.% Au atoms on Ni@Pt-1004, the atomic Au
clusters reduced surface defects of the Pt shell and covered the Ni core crystal. In this event, activation
energy for O2 splitting increased, which reduced the intrinsic activities of surface sites and thus the
Voc by 0.026 V. Such a phenomenon would seemingly suppress the activity of surface sites on the
NC surface; however, it actually went the opposite way. As revealed by results of physical structural
inspections, decoration with a slight amount of Au atoms (2.0 wt.%) resulted in a surface structure
comprising combinations of Au, Pt, and Ni sub-nanoclusters on the NC surface. The presence of
sub-nano or atomic Au clusters in defect sites protected the NC surface from oxidation (shown by
the suppressed EO

ads peak in the CV curve). In this event, relocation of the Oads was dramatically
facilitated, resulting in a quantum leap of Jk by 6.7-fold compared to that of NCs without Au decoration
(i.e., Ni@Pt-1004). By increasing Au to 9.0 wt.%, compared to that of NPA-1004006, the Jk of NPA-100402
substantially decreased by ~87% to 9.4 mAcm−2. This value was almost the same as that of Ni@Pt-1004,
indicating that all reaction sites (Pt, Au, and Ni) possessed metallic properties of NPs (bulk) without
facilitation of heteroatomic intermixing or ligand effects in ORRs. Meanwhile, as shown in Figure 4c,
similar slopes of diffusion (V < 0.8 V vs. the RHE) and kinetic limit (V > 0.8 V vs. the RHE) current
regions indicated that the redox responses of Ni@Pt-1004 were not greatly influenced by a high Au
loading. Such electrochemical properties are understandable due to the fact that Au atoms tend to
form large nanocrystals by homogeneous crystal growth on the surface and galvanic replacement in
the core region of Ni@Pt NCs. Compared to those of Ni@Pt-1004, Au decoration showed similar effects
on ORR activity of Ni@Pt NCs with a conformal Pt shell (Ni@Pt-1010). Figure 4d compares LSV curves
of experimental NCs (NPA-1010006 and NPA-101002) with those of the control sample (Ni@Pt-1010)
and the Johnson Matthey-Pt/C; corresponding electrochemical properties are summarized in Table S3.
Accordingly, VOC and E1/2 followed the same trend as that of Ni@Pt-1004 with increasing Au contents
from 2.0 to 9.0 wt.%. The same scenario to NPA NCs with low Pt contents held for NPA-1010006, except
that Au atoms did not penetrate into the core region to form nanosized clusters, therefore NPA-101002
retained a high Jk value (21.99 mA cm−2) in ORRs.

Surface activities (SAs) of electrocatalysts in ORRs are calculated by normalizing the Jk to the
ECSA of the oxygen desorption region in the CV curve. These values are an important index for
the average intrinsic activity of reaction sites on NC surfaces. As shown in Table S2, the ECSA was
81.2 cm2 mg−1 for Ni@Pt-1004 and decreased to 50.0 cm2 mg−1 by decorating with 2.0 wt.% Au atoms,
again proving that Au atoms tended to reside in defect sites of the Pt shell. Further increasing the
Au content to 9.0 wt.% did not affect the ECSA value. This result, consistent with that proven by the
XRD analysis, suggests that Au atoms tended to grow in homoatomic nanocrystals instead of capping
on the Pt shell surface. Accordingly, SAs were 13.89 mA cm−2 for NPA-1004006 and 1.83 mA cm−2

for NPA-100402. With similar ESCAs, the significantly enhanced SA elucidates conformation of
the substantially improved intrinsic ORR activity by the presence of atomic/sub-nano Au clusters
simultaneously with Pt and Ni nanoclusters on the NPA-1004006 surface. For Ni@Pt with a conformal
Pt shell, Au decoration mainly occurred on the NPA-1010006 surface, as indicated by a reduction in the
ECSA (64.4 cm2 mg−1) by 11.9% compared to that of Ni@Pt-1010 (73.1 cm2 mg−1). Compared to that of
NPA-1010006, the ESCA increased by 11.3% when decorated with 9.0 wt.% of Au on the Ni@Pt-1010
surface, which can be attributed to the formation of sub-nano Au clusters on the NC surface. In this
event, SAs were 5.64 mA cm−2 for NPA-1010006 and 1.61 mA cm−2 for NPA-101002. Compared to
those of NPA with Pt/Ni = 0.4, the substantially suppressed SA reveals the truth that the combination
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of atomic Au/Pt clusters with Ni atoms in neighboring sites can support exceptional reaction kinetics
of ORRs (i.e., Jk and SA).

Mass activity (MA) refers to the current density per unit weight of active sites and is calculated by
normalizing the residual current at 0.85 V vs. the RHE with respect to the loading amount of metal Pt
in NCs. As illustrated in Figure 5a, the MA of Ni@Pt was slightly improved by 26% compared that
of the Johnson Matthey-Pt/C. By adding 2.0 wt.% Au atoms on the surface, the MA of NPA-1004006
substantially improved by 7.1-fold compared to that of Ni@Pt-1004. With a slight increment of noble
metal loading, such a dramatic improvement in the MA depicts the truth for boosting the activity of
NCs by syngeneic collaboration between sub-nano Au, Pt, and Ni domains in the reaction pathways in
ORRs. Such a scenario was further confirmed by the MA of NPA-100402. In this NC, the MA was
significantly reduced by 87% compared to that of NPA-1004006. Given that the difference in noble
metal loading was small (7.0 wt.%), the dramatic difference in the MA again proves changes in intrinsic
activities instead of mass differences. The same phenomenon exists in changes of the MA with respect
to Au loading in Ni@Pt-1010 again complementarily proves the synergetic effects on ORR activities of
NCs. Electrochemical results of control samples with commercial catalyst has been compared in Figure
S7 and corresponding parameters has been summarized in Table S4.

Figure 5. Electrochemical results of experimental nanocatalysts (NCs). (a,b) Oxygen reduction reaction
(ORR) mass activity of NCs compared to the commercial Johnson Matthey-Pt/C at 0.85 V (vs. the
reference hydrogen electrode (RHE)). (c,d) Kinetic current density of the experimental NCs and Johnson
Matthey-Pt/C at 0.85 V (vs. the RHE). (e,f) Onset potential and half-wave potential of the experimental
NCs and Johnson Matthey-Pt/C.

4. Conclusions

CNT-supported NCs with a Ni/NiOx base and an Au cluster-modified Pt-shell were synthesized via
self-aligned wet-chemical processes with variable shell thicknesses (Pt/Ni ratios of 0.4 and 1.0) decorated
with different contents of Au atoms (2 and 9 wt.%). Results of physical structural characterizations
combined with electrochemical analyses proved that surface coverage of the Pt-shell along with depth
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and distribution of Au clusters significantly affected inner structural configurations and thus the ORR
activities of bimetallic Ni@Pt NCs. For Ni@Pt-1004 NCs, because a lower Pt-content and lower surface
coverage were adopted, Au atoms tended to form sub-nanoclusters accompanied by Pt and Ni on
the NC surface at a loading of 2.0 wt.% Such an NC exhibited the highest Jk (75.02 mA cm−2), SA
(13.89 mA cm−2), and MA (694.49 mA mgPt

−1) among the experimental NCs due to the synergetic
collaboration between oxygen-inert and -affinity sites on the surface. When increasing the loading
to 9.0 wt.%, Au atoms tended to penetrate into the core region and grow into homoatomic clusters
on the NC surface. Both characteristics reduced the heteroatomic intermix and surface ratio, and
therefore, turned the redox properties of NCs into a bulk nanocrystal state. For the case of Ni@Pt with
a conformal shell, Au atoms tended to form atomic clusters on the NC surface which exhibited a Jk of
73.78 mA cm−2 corresponding to an MA of 362.9 mA mgPt

−1 and SA of 5.64 mA cm−2. Compared
to those with low Pt contents, the lower electrochemical performances of NPA with a Pt/Ni ratio of
1.0 consistently explained the local syngeneic effects on the NC surface. In brief, robust methods to
synthesize bimetallic NCs with different extents of surface decoration were developed in this study.
We demonstrated that such processes can be adopted to control the identity and local structural
disorder on NC surfaces. By proper control of the surface decoration loading, the ORR performance of
NiO@Pt catalysts was improved by 7.1-fold in the optimal case. These results elucidate a new prospect
of heterogeneous catalyst design. It realizes a compact co-catalyst with different sub-nanometer
components collaborating together to share intermediate steps in redox reactions and thus enabling
facilitation of the activity of electrocatalysts.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/7/1003/s1.
Figure S1: TEM images of NPA-1004006 NC. The EDX results are measured in the region marked by pink
square. Figure S2: XRD patterns of Ni@Pt-1004 and Ni@Pt-1010 experimental NCs. Figure S3: Comparative x-ray
photoemission spectroscopy of Ni@Pt-1004 and Ni@Pt-1010 NCs at Ni-2p orbitals. Figure S4: X-ray photoemission
spectroscopy of Ni@Pt-1004, NPA-1004006 and NPA-100402 NCs at Ni-2p orbitals. Figure S5: X-ray photoemission
spectroscopy of Ni@Pt-1010, NPA-1010006 and NPA-101002 NCs at Ni-2p orbitals. Figure S6: X-ray photoemission
spectroscopy of experimental NCs. (a) Au-4f orbitals of NPA-1004006 and NPA-100402. (b) Au-4f orbitals of
NPA-1010006 and NPA-101002. Figure S7: Electrochemical analysis of experimental NCs. (a) CV and (2) LSV
curves of Ni@Pt-1004 and Ni@Pt-1010 experimental NCs compared with commercial J.M.-Pt/C nanocatalysts. Table
S1: XRD and TEM determined structural parameters of control samples. Table S2: Electrochemical parameters of
experimental NCs with Pt/Ni = 0.4. Table S3: Electrochemical parameters of experimental NCs with Pt/Ni = 1.0.
Table S4: Electrochemical parameters of control samples.
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Abstract: The resistive switching (RS) characteristics of flexible films deposited on mica substrates
have rarely been reported upon, especially flexible HfO2 films. A novel flexible Au/HfO2/Pt/mica
resistive random access memory device was prepared by a sol-gel process, and a Au/HfO2/Pt/Ti/SiO2/Si
(100) device was also prepared for comparison. The HfO2 thin films were grown into the monoclinic
phase by the proper annealing process at 700 ◦C, demonstrated by grazing-incidence X-ray diffraction
patterns. The ratio of high/low resistance (off/on) reached 1000 and 50 for the two devices, respectively,
being relatively stable for the former but not for the latter. The great difference in ratios for the two
devices may have been caused by different concentrations of the oxygen defect obtained by the X-ray
photoelectron spectroscopy spectra indicating composition and chemical state of the HfO2 thin films.
The conduction mechanism was dominated by Ohm’s law in the low resistance state, while in high
resistance state, Ohmic conduction, space charge limited conduction (SCLC), and trap-filled SCLC
conducted together.

Keywords: resistance switching; high/low resistance; oxygen defect; conduction mechanism

1. Introduction

Resistive random access memory (RRAM) is a kind of memory in which, according to the different
voltage applied to the metal oxide, the resistance of the material changes correspondingly between
the high resistance state (HRS) and the low resistance state (LRS), so as to open or block the current
flow channel and use this property to store various information [1]. RRAM can significantly increase
durability and data transmission speed compared with flash memory devices. The main factor affecting
the performance of RRAM is the RS layer, and the performance of different RS layers varies greatly.
A variety of materials can be applied as the resistive switching layers of RRAM, such as HfO2, SnWO4,
ZrO2, and CuO [2–6], among which binary metal oxides like HfO2 are widely regarded as the most
promising resistive switching layer [1,7]. The conduction mechanisms of RRAM have been studied in
depth, among which Ohmic conduction, Schottky emission, space-charge-limited conduction (SCLC),
and trap-assisted tunneling are the most popular [1,8–11]. The conductive filament (CF) model has
also been one of the most recognized models [8]. With the development of science and technology,
flexible memory has also been extensively studied in the past decade [12,13]. Due to the advantages of
their being inexpensive and lightweight, flexible memristors are more widely used than non-flexible
devices such as disposable sensors [14] or indenofluorene-based monomers [15].

Although flexible electronic devices have promising applications in wearable devices, few papers
have reported on the RS characteristics of flexible films deposited on mica substrates [16–18]. Mica
substrates are cheap, easy to prepare, and satisfy the demands of industrial production, which makes
them an excellent candidate for preparing flexible RRAM substrates. In this paper, HfO2 thin films
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were grown on flexible mica substrates by the sol-gel method. For comparison of different substrates,
HfO2 films were also deposited on Pt/Ti/SiO2/Si (100) substrates. As a kind of ordinary semiconductor
compound, HfO2 film has a high dielectric constant and desirable light transmittance with a simple
preparation [19]. Due to its thermal stability and excellent retention performance [2,20–22], HfO2

has been widely studied in the field of RRAM in recent years [23], and is one of the most promising
candidates for the resistive switching layer. The results show that the ratio of HRS to LRS exceeded
100 in the HfO2-based-non-flexible structure, with excellent stability. In contrast to non-flexible
resistive switching, the HfO2-based flexible structure demonstrated a pretty good resistive switching
characteristic, but its endurance was inferior to non-flexible resistive switching. This HfO2-based
flexible device has a simple preparation method (sol-gel), inexpensive cost, and excellent flexibility not
existing in an HfO2-based-non-flexible structure, which conforms to the developing requirements of
our time for flexible RRAM.

2. Materials and Methods

Using the sol-gel method for coating, a certain amount of hafnium acetone was weighed as the raw
material, the magnetic stirrer was used to dissolve it in acetic acid until a colloid formed, the hafnium
acetone colloid was spirally coated onto the different substrate by a rotary coating machine and then
placed on a drying platform. The drying platform was heated from room temperature to 300 ◦C for
10 min, which decomposed hafnium acetone into HfO2 at high temperature. In this paper, there
were two samples of different substrates, HfO2/Pt/Ti/SiO2/Si and HfO2/Pt/mica flexible structures.
For further discussion, the structures of HfO2/Pt/Ti/SiO2/Si and HfO2/Pt/mica are abbreviated as S1
and S2, respectively, as shown in Figure 1. Both S1 and S2 were annealed at 700 ◦C in air atmosphere
for 30 min. After annealing, an Au point electrode with diameter of 0.5 mm was plated on the sample
using a small high-vacuum coating machine and a mask template with diameter of 0.5 mm at room
temperature for two min to form a top–bottom (TB) electrode structure.

Figure 1. Schematic patterns of the HfO2/Pt/Ti/SiO2/Si (S1) and HfO2/Pt/mica (S2) devices.

Current–voltage (I-V) and endurance characteristics were measured by the Keithley 2400 s
instrument. Atomic force microscopy (AFM) showed the surface morphology of the film, and field
emission scanning electron microscopy (FESEM) could clearly observe the thickness of the HfO2 thin
film and the layers between substrate and film. Additionally, the phase structures of HfO2 films were
analyzed by grazing-incidence X-ray diffraction (GIXRD) with an incident angle of 1◦. Moreover, X-ray
photoelectron spectroscopy (XPS) analyses of the HfO2 thin films were carried out using an Escalab
250Xi X-ray photoelectron spectrometer.
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3. Results and Discussion

It can be seen from Figure 2a,b that the grain size of the HfO2 thin films after annealing was
relatively small, which was due to the low annealing temperature and short annealing time. The SEM
cross-sectional views of S1 and S2 show a dense layer of HfO2 with a thickness of ~200 nm, and a dense
Pt layer with a thickness of ~100 nm can be seen in all cases, as shown in Figure 2c,d. Additionally,
the density and adhesion of HfO2 on a typical Pt substrate were better than that on a flexible substrate.
Figure 3 indicates the GIXRD patterns of the HfO2 films grown on two different devices. As can be
seen from Figure 3, the HfO2 thin films had high crystallinity—a polycrystalline (100), (110), (111),
(111), (200), and (220) oriented monoclinic phase structure [24,25]. Additionally, the PDF#78-0050 of
the HfO2 monoclinic phase is inserted in Figure 3 to better identify the XRD peak of the HfO2 film.
HfO2 with a monoclinic phase structure can accumulate oxygen vacancies [26]. The relatively small
GIXRD peak intensity shows the smaller grain size of the HfO2 thin films, corresponding to the results
of the SEM and AFM analyses. Additionally, a Pt (111) oriented peak existed in the S1 device.

Figure 2. (a,b) Atomic force microscopy patterns of HfO2 thin films in S1 and S2 devices, respectively;
(c,d) typical cross-sectional scanning electron microscope images of S1 and S2, respectively.

Figure 3. Grazing-incidence X-ray diffraction patterns of HfO2 thin films in S1 and S2.
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As shown in Figure 4a,c, Hf 4f core levels of HfO2 thin films layers in all cases were deconvoluted
into two Gaussian peaks (16.7 eV for Hf 4f5/2 and 18.3 eV for Hf 4f7/2, indicated by the red line and
green line, respectively) [27–29]. Figure 4b,d shows XPS spectra of the O 1 s core levels of the HfO2 thin
films layers in all cases. Obviously, the Gaussian peak with a binding energy of 529.7eV was defined as
lattice oxygen (Ol), corresponding to the oxygen in the HfO2 matrix; the other, with a binding energy of
531.5eV, was defined as defect oxygen (Od), caused by the defects of oxygen vacancies in the HfO2 thin
film layers. Previous research has indicated the higher the intensity of Od, the higher the concentration
of oxygen vacancy [5]. The ratio of Hf/Ol in all devices was ~2, signifying the existence of HfO2 [30,31].
Furthermore, the ratio of Ol/Od in S1 devices (0.32) was larger than that of S2 devices (0.25) and the
ratio of Od in S1 devices to that in S2 devices was 0.82, resulting in the difference of HRS/LRS ratio
between the two devices, which was consistent with I-V characteristics.

Figure 4. (a,b) The X-ray photoelectron spectroscopy (XPS) spectra of the S1 device; (c,d) the XPS
spectra of the S2 device; (b,d) show the different oxygen intensities after fitting the peak.

Figure 5a,b shows the excellent resistance switching behaviors of the S1 and S2 structures. It is
apparent that the Vset and Vreset of the S1 devices were 0.7 V and −0.5 V respectively, while the Vset and
Vreset of the S2 devices were 0.7 V and −0.7 V respectively [22,32]. In addition, because the grain size of
HfO2 for S2 is larger than that for S1, based on the FESEM patterns (Figures S2 and S3), the switching
currents of the S2 device were much larger than those of the S1 device. When the applied bias increased
from 0 V to 0.7 V, both devices remain “off” (HRS). The device will be converted to LRS if the voltage
reaches 0.7 V (Vset). Subsequently, with a voltage loop of 0.7 V to 1 V to −0.7 V for S2 (0.7 V to 1 V to
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−0.5 V for S1), the device will always stay in “on” (LRS). When the voltage reaches −0.7 V (−0.5 V
for S1) for the first time, the device will immediately be reset to “off” (HRS), and remain HRS all the
way up to 0 V. The turn-on slope of S1 was calculated as 0.3 V/decade and was almost equal to that
of S2, which depicted a switching speed in S2 consistent with S1; the ratio of HRS and LRS for the
S1 device (~100) was greater than that of S2 device (~50), which also indicates that the S1 device had
better switching characteristics than the S2 device. Additionally, resistive switching characteristics
with 100 sweep cycles are depicted in Figure 2c,d. It can be seen clearly that the HRS/LRS ratio of
S2 device gradually decreased from the 50th cycle; by contrast, the HRS/LRS ratio of the S1 device
was almost stable when a forward bias was applied. From the results above, the device formed on
the flexible substrate had the characteristics of typical RRAM. Figure 6 shows a stable resistance state
(LRS/HRS) of the S1 device, with a reading voltage of 0.2 V for 100 sweep cycles at room temperature.
The fitting linear curves in Figure 6a exhibit a stable off/on ratio for S1 RRAM devices, starting at
1000 times, slowly falling to 100 times, and then leveling off. However, as can be seen from Figure 6b,
the S2 devices exhibited poor endurance characteristics, with rapid fatigue from 50 times to 10 times
followed by leveling off. For the sake of illustrating the variation in HRS resistance and LRS resistance,
Figure 6c,d compares the cumulative probability plots of HRS and LRS for the two devices at a reading
voltage of 0.2 V. Compared to the S2 device, the S1 device exhibited a stable distribution of off/on
resistance [33]. From the above analysis, the performance of S2 device was not as good as that of the
S1device. In order to better illustrate the poor fatigue characteristics of S1 devices, repeatability tests
are also conducted, as is shown in Figure S1. This demonstrates the shortcoming of mica-based devices
that must be improved upon but cannot be at present.

Figure 5. Resistive switching characteristics of (a) Au/HfO2/Pt/Ti/SiO2/Si, (b) Au/HfO2/Pt/mica,
(c) Au/HfO2/Pt/Ti/SiO2/Si with 100 sweep cycles, and (d) Au/HfO2/Pt/mica with 100 sweep cycles.
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Figure 6. Endurance characteristics of (a) Au/HfO2/Pt/Ti/SiO2/Si and (b) Au/HfO2/Pt/mica RRAM
devices at room temperature; (c,d) the cumulative probability plots of high resistance state and low
resistance state for the two devices, respectively, at a reading voltage of 0.2 V.

Figure 7 indicates that Ohmic conduction (I is proportional to V) and SCLC (I is proportional to V2)
were the main conduction mechanisms. The current density of SCLC can be depicted as following [1]:

JSCLC =
9
8
με

V2

d3 (1)

where ε is the permittivity of the film, μ is the electron mobility, V is the voltage, and d is the thickness
of the film. Furthermore, it can be reasonably inferred that the conductive mechanism is dominated by
trap-filled SCLC (indicated by the green line) when the forward bias is more than 0.7 V. The current
density of trap-filled SCLC can be depicted as following [1]:

JTFSCLC = q1−lμN
(

2l + 1
l + 1

)l+1( l
l + 1

εrε0

Nt

)l Vl+1

d2l+1
(2)

where q, l, μ, εr, ε0, Nt, N, V, and d are the elemental charge, the ratio of the characteristic temperature
of the trap distribution to the operating temperature, the carrier mobility, the permittivity of the film,
the permittivity of free space, the trap density, the density of state in the conduction band or valence
band, the applied voltage, and the film thickness, respectively.
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Figure 7. logI–logV plots in (a) Au/HfO2/Pt/Ti/SiO2/Si and (b) Au/HfO2/Pt/mica RRAM devices
under positive voltage; (c) Au/HfO2/Pt/Ti/SiO2/Si and (d) Au/HfO2/Pt/mica RRAM devices under
negative voltage.

The logI versus logV plots have been fitted linearly to analyze the conduction mechanisms of
S1 and S2 devices comprehensively. Figure 7a,b exhibits four different slope regions for S1 and S2
devices in positive sweeps, which represent three different conduction mechanisms: Ohmic conduction
(slope = 1), SCLC (slope = 2), and trap-filled SCLC (slope > 2). The conduction mechanism of the S1
device was consistent with S2 device, which transferred from Ohmic conduction to SCLC at 0.4 V for
the S1 device and 0.5 V for the S2 device, and then to trap-filled SCLC at 0.7 V for all cases. According to
the SCLC mechanism, the electron trap is conceived as an oxygen vacancy, and the resistance slowly
decreases as the oxygen vacancy filled with electrons, according to Child’s law. However, when the
oxygen vacancy is brimming with electrons, the latter will flow past the conduction band, so that the
devices will be switched from HRS to LRS [34]. Note that the slope of LRS was almost equal to 1 for all
devices, indicating the formation of CF. For the S1 devices in negative sweeps, the Ohmic mechanism
ran through the LRS and HRS, as is shown in Figure 7c, while for S2 devices in negative sweeps, it can
be clearly observed that the slope was 2.15 for voltage ranges from −1 V to −0.7 V, demonstrating
that the CF formed by oxygen vacancies was broken, resulting in reset of resistance state from LRS to
HRS. At the same time, the electrons were quickly disengaged from the oxygen vacancy. In conclusion,
the conduction mechanism was dominated by Ohmic conduction in LRS, while in HRS, the Ohmic
conduction and SCLC conducted together.

According to the analysis of XPS spectra and conduction mechanism, the CF caused by oxygen
vacancy dominated the resistance switching mechanism [5,35]. As shown in Figure 8, a typical CF
model has been proposed to better illustrate the influence of Od. A large number of defects caused
by oxygen vacancies exist in HfO2 thin film layers, distributing randomly in the thin film layer and
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the interface layer without biased voltage, corresponding to the HRS depicted in Figure 8a, which is
consistent with the HRS at zero voltage shown in Figure 5a,b. When a forward bias (<0.4 V for S1
devices, <0.5 V for S2 devices) was applied to the device, the conduction mechanism obeyed Ohm’s
law. The trap was gradually filled by injected electrons as the applied voltage increased (0.4 V–0.7 V
for S1 devices, 0.5–0.7 V for S2 devices), the CF formed, as shown in Figure 8b, and the conduction
mechanism was dominated by Child’s law (SCLC). At this time, it corresponded to the HRS of the
positive bias voltage (0–0.7 V) in Figure 5a,b. Due to the action of the electric field force, the oxygen ions
drifted upward and accumulated at one end of the top electrode, forming a conductive bridge via these
oxygen vacancies, while the CF built by oxygen vacancies connected the top and bottom electrodes,
resulting in the SET process, as shown in Figure 8c [32,36]. It can also be seen from Figure 5a,b that
when the forward voltage was greater than 0.7 V for the first time, the CF was formed, and the RS
converted from HRS to LRS. When the voltage loop dropped from 1 V to −0.5 V, the RS remained
“on” (LRS), as shown in Figure 5a,b, which is consistent with Figure 8c. Meanwhile, the conduction
mechanism was controlled by Ohmic conduction for the existence of CF. Figure 8d exhibits that as the
reverse bias was applied to the device, the oxygen ions drifted downward and then combined with
the oxygen vacancy, resulting in the rupture of the CF. Combined with the analysis in Figure 5a,b,
when the reverse bias voltage reached a certain value (−0.5 V for S1, −0.7 V for S2), the CF completely
ruptured, resulting in an instant reset from LRS to HRS. Subsequently, the RS was always off (HRS)
while the voltage loop went from −0.7 V to −1 V to 0 V for S2 or from −0.5 V to −1 V to 0 V for S1.
The formation and rupture of the CF perfectly explains the principle of resistance switching, which is
consistent with the conductive mechanism and I-V characteristics.

Figure 8. Schematic diagram explaining the conduction mechanism: (a) The RS is very high because the
device does not form CF; (b) When a positive bias is applied, the oxygen vacancies move towards the
negative electrode and a CF is formed; (c) The device is in the SET state because the oxygen vacancies
has formed CF; (d) When the voltage is reversed, the CF immediately rupture.
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4. Conclusions

In summary, an Au/HfO2/Pt/Ti/SiO2/Si device and an Au/HfO2/Pt/mica device were fabricated
by the sol-gel method. As a popular research material, the S1 device structure has been thoroughly
studied. At present, the breakthrough point was whether the HfO2 with a flexible structure would
have the same performance as the typical device. Herein, quite a few advantages and disadvantages of
flexible HfO2 devices have been identified by analyzing the differences between the S1 and S2 devices.
The Od intensity of XPS spectra for the S2 device was lower than for the S1 device, which indirectly
illustrates that the HRS/LRS ratio of the S2 device was lower. Meanwhile, the I-V characteristic
also demonstrated the difference in off/on ratio. Nevertheless, HRS/LRS ratio of the S2 device also
reached 50, which is enough to illustrate the potential application of flexible HfO2 device and that they
are worth further study. For the Au/HfO2/Pt/mica device, the conduction mechanism was dominated
by Ohmic conduction in LRS, and Ohmic conduction and SCLC conduction together in HRS. There is
no doubt that the CF model can perfectly illustrate this conduction mechanism. The potential problem
is the poor fatigue characteristics of the HfO2-mica-based RRAM, which cannot be solved at present,
but we hope to solve effectively in the future.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/8/1124/s1,
Figure S1: Current–Voltage plots of repeated samples, Figure S2: The FESEM pattern of the surface for S1 device,
Figure S3: The FESEM pattern of the surface for S2 device.
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Abstract: Solution-processed metal oxides have been investigated as an alternative to vacuum-based
oxides to implement low-cost, high-performance electronic devices on flexible transparent substrates.
However, their electrical properties need to be enhanced to apply at industrial scale. Amorphous
indium-gallium-zinc oxide (a-IGZO) is the most-used transparent semiconductor metal oxide as
an active channel layer in thin-film transistors (TFTs), due to its superior electrical properties.
The present work evaluates the influence of composition, thickness and ageing on the electrical
properties of solution a-IGZO TFTs, using solution combustion synthesis method, with urea as fuel.
After optimizing the semiconductor properties, low-voltage TFTs were obtained by implementing
a back-surface passivated 3-layer In:Ga:Zn 3:1:1 with a solution-processed high-кdielectric; AlOx.
The devices show saturation mobility of 3.2 cm2 V−1 s−1, IOn/IOff of 106, SS of 73 mV dec−1 and VOn
of 0.18 V, thus demonstrating promising features for low-cost circuit applications.

Keywords: IGZO composition; solution combustion synthesis; transparent amorphous semiconductor
oxides; low voltage operation

1. Introduction

In recent years, the emergence of flexible electronics has increased scientific interest in transparent
amorphous metal oxide thin-film transistors (TFTs) deposited at low temperatures on flexible substrates.
These devices are expected to meet technological demands for a wide range of flexible electronic concepts,
such as foldable displays or signal readout/processing circuitry integrated in smart surfaces [1,2].
The advent of printed electronics research has led to the development of solution processed oxides
deposited by techniques such as spin coating [3] and ink-jet printing [4], as an economic alternative to
vacuum-based techniques [2]. In this regard, solution-processed amorphous oxide semiconductors
TFTs offer low-cost, high-throughput and large-area scalability [5,6]. However, with sol-gel methods,
it is difficult to modulate oxygen conditions that are crucial to form oxygen vacancies, which are a
source for free carriers; therefore, electrical properties are controlled by post-annealing or composition
of the metal oxide [7]. Up until now, a variety of solution-produced transparent oxides such as zinc
oxide (ZnO) [8], zinc-tin oxide (ZTO) [9] and indium-zinc oxide (IZO) [10] have been a matter of study.
Nevertheless, indium-gallium-zinc oxide (IGZO) remains the most used oxide semiconductor and
Table 1 summarizes the reported properties of solution based IGZO TFTs produced with different
processing conditions.

Nanomaterials 2019, 9, 1273; doi:10.3390/nano9091273 www.mdpi.com/journal/nanomaterials133
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The first reported IGZO solution TFTs were fabricated using high annealing temperatures
(>400 ◦C) [11–13,15] in order to remove organic ligands groups from sol-gels, i.e., to convert
completely metal-hydroxide (M–OH) species into metal-oxygen-metal (M–O–M). Nonetheless, high
temperature annealing restricts the application of the films on most flexible polymeric substrates [21,22].
Some reports tested ~300 ◦C [17,18]; however, at lower temperatures, incomplete decomposition
of the organic precursors might occur, and most of the M–OH species are not fully converted into
M–O–M, severely affecting the semiconductor’s electrical performance [18,23]. In 2011, Marks et
al. [24] reported, for the first time, a novel method to produce thin films at lower temperatures:
the combustion synthesis method. By introducing an oxidizing agent (metal nitrates) and a fuel as
reducing agent into a precursor solution, the potential of the oxide precursor is enhanced; when
the film is annealed at 200–300 ◦C, a local highly exothermic chemical reaction initiates within the
film, forming M–O–M lattice where the applied temperature acts only as reaction initiator [24,25].
Acetylacetone [19,26] and urea [27,28] are the most commonly used fuels in this method for different
solution-based semiconductors. IGZO is applied mainly as semiconducting n-channel layer in TFTs,
due to its high field-effect mobility, small subthreshold slope (SS), stability and good uniformity [29–31].
In3+ cations are the main element of conduction band and due to the overlap of their 5s orbitals, IGZO
exhibits high mobility, even in its amorphous form; Zn2+ contributes to stabilization and enhancement
of electrical properties; and Ga3+ forms strong bonds with oxygen, controlling the carrier concentration
so the material might act as a semiconductor, although this reduces the electron mobility compared to
IZO [1,2,16]. Although there are a few reports regarding the effect of sol-gel IGZO composition on
TFTs performance [14,15], the study on how electrical properties of solution combustion synthesis
IGZO depend on material composition is still lacking. In this work, we discuss the influence of
In:Ga:Zn cations ratios of combustion solution-processed IGZO, as well as the number of implemented
layers on TFTs performance. Urea was chosen as fuel to use throughout this work, since it is more
environment-friendly and less-expensive when compared to acetylacetone. Solution-based aluminum
oxide (AlOx) dielectric was implemented in IGZO TFTs, as superior device performance can be achieved
by combining a high-кoxide dielectric with a semiconductor material, namely, increased mobility and
lower operation voltage compared to conventional SiO2 dielectric [32].

2. Experimental Section

2.1. Precursor Solution Development and Characterization

The metallic oxide precursor solutions were prepared by individually dissolving indium (III)
nitrate hydrate (In(NO3)3·xH2O, Sigma, 99.9%, Darmstadt, Germany), gallium (III) nitrate hydrate
(Ga(NO3)3·xH2O, Sigma, 99.9%, Darmstadt, Germany), zinc nitrate hexahydrate (Zn(NO3)2·6H2O,
ACROS Organics, 98%, Geel, Belgium) and aluminum nitrate non-hydrate (Al(NO3)3.·9H2O, Carl Roth,
≥98%, Darmstadt, Germany) in 2-Methoxyethanol (2-ME) (C3H8O2, ACROS Organics, >99.5%, Geel,
Belgium), to yield solutions with a concentration of 0.2 M. Urea (CO(NH2)2, Sigma, 98%, Darmstadt,
Germany) was added as fuel to each precursor solution for the combustion reaction, with molar ratios
between urea and indium nitrate, gallium nitrate, zinc nitrate and aluminum nitrate of 2.5:1, 2.5:1,
1.67:1 and 2.5:1, respectively, to guarantee the redox stoichiometry of the reaction (see Tables S1–S5 in
the Supplementary Materials). All precursor solutions were magnetically stirred at 430 rpm for 1 h at
room temperature in air environment. IGZO precursor solutions were prepared by mixing indium
nitrate, gallium nitrate and zinc nitrate precursor solutions to yield In:Ga:Zn molar ratios of 1:1:1,
2:1:1, 2:1:2 and 3:1:1, all with a 0.2 M concentration. IGZO and AlOx solutions were magnetically
stirred at 430 rpm for at least 24 h at room temperature in air environment. All solutions were filtrated
through 0.2 μm hydrophilic filters. Precursor solutions viscosity measurements were performed in a
BROOKFIELD Cap 2000+ (Brookfield Engineering Laboratories, Inc., Middleboro, MA, USA) using a
Cap01 spindle at 30 ◦C with a 500 rpm speed.
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Thermal and chemical characterization of precursor solutions were performed by differential
scanning calorimetry (DSC) and thermogravimetry (TG) and Fourier transform-infrared spectroscopy
(FTIR). DSC and TG analysis of dried precursor solutions were performed under air atmosphere
up to 500 ◦C with a 10 ◦C min−1 heating rate in an aluminum crucible with a punctured lid
using a simultaneous thermal analyzer, Netzsch (TG-DSC—STA 449 F3 Jupiter, Selb, Germany).
FTIR spectroscopy characterization of IGZO solutions was performed using a Thermo Nicolet 6700
Spectrometer (Waltham, MA, USA) equipped with a single bounce diamond crystal Attenuated Total
Reflectance (ATR) sampling accessory (Smart iTR). The spectra were acquired with a 4 cm−1 resolution
in the range of 4000–525 cm−1 with a 45◦ incident angle.

2.2. IGZO Film Deposition and Material Characterization

Prior to deposition all substrates (p+Si with a 100 nm thermally grown SiO2 layer, Si wafer and
soda-lime glass, 2.5 × 2.5 cm2) were cleaned in an ultrasonic bath at 60 ◦C in acetone for 15 min, then
in isopropyl alcohol (IPA) for 15 min. Subsequently, the substrates were cleaned with deionized water
(DIW) and dried under N2, followed by a 15 min ultraviolet (UV)/ozone surface activation step using a
PSD-UV Novascan system (Ames, IA, USA). IGZO thin films were deposited onto SiO2 substrates
by sequentially spin coating one to three layers of IGZO precursor solution for 35 s at 3000 rpm
(Laurell Technologies, North Wales, PA, USA), followed by an immediate hot plate annealing at 300 ◦C
for 30 min in air after each layer to ensure the exothermic reaction. The AlOx dielectric precursor
solution was spin coated at 2000 rpm for 35 s onto Si substrates and annealed at 300 ◦C for 30 min.
FTIR spectroscopy characterization of thin films deposited on Si substrates was performed the same
way as used for IGZO precursor solutions. The structure of the films was assessed by grazing angle
X-Ray diffraction (GAXRD), using a X’Pert PRO PANalytical (Royston, UK) diffractometer with Cu
Kα line radiation (λ = 1.540598 Å) and an incidence angle of the X-ray beam fixed at 0.75◦, in the
range of 20◦ to 50◦ (2θ). Surface morphology of the thin films was studied by scanning electron
microscopy (SEM, Zeiss Auriga Crossbeam electron microscope) ( Oberkochen, Germany) and atomic
force microscopy (AFM, Asylum MFP3D, Asylum Research, Santa Barbara, CA, USA). Electron
dispersive X-ray spectroscopy (EDS) was performed to study the chemical composition of the thin films.
Optical characterization of the thin films was obtained with a Perkin Elmer lambda 950 UV/visible
(Vis)/near infrared (NIR) (Llantrisant, UK) spectrophotometer, by measuring transmittance variation in
a wavelength range from 200 to 2500 nm. Spectroscopic ellipsometry was used to measure thickness
and band gap energy of thin films deposited on Si substrates, with an energy range from 1.5 to 5.5 eV
and an incident angle of 45◦ using a Jobin Yvon Uvisel system (Chilly-Mazzarin, France). DELTAPSI
software (v2.6.6.212, Horiba, Bensheim, Germany) was used to modulate the acquired data, and the
fitting procedure was done pursuing the minimization of the error function (χ2). X-ray photoelectron
spectroscopy (XPS) of IGZO thin films was measured with a Kratos Axis Supra (Manchester, UK),
using monochromated Al Kα irradiation (1486.6 eV). The detail spectra of the surfaces were acquired
with an X-ray power of 225 W and a pass energy of 10 eV. Depth profiles were done using argon
clusters of 500 atoms and 10 keV, scanned over an area of 1.5 × 1.5 mm2 and a time per etch step of
100 s. The cluster mode was used in order to limit damage to the film introduced by the argon beam
with respect to a conventional monoatomic mode. Here, the XPS acquisition parameters were 300 W
and 40 eV pass energy, and an aperture was used to limit the measurement spot to 110 μm in diameter.

2.3. TFTs/Devices Fabrication and Characterisation

TFTs were produced in a staggered bottom-gate, top-contact structure by spin coating IGZO thin
films onto 100-nm-thick thermal SiO2 (Ci = 35 nF·cm−2) or onto spin-coated 20-nm-thick AlOx (Ci =

306 ± 2 nF·cm−2), both on Si wafers. Aluminum (Al) source and drain electrodes (80 nm thick) were
deposited on IGZO films via a shadow mask by thermal evaporation, with channel width (W) and
length (L) of 1400 μm and 100 μm, respectively (W/L = 14). A post-annealing step was performed
on a hot plate for 1 h at 120 ◦C in air environment. Optimized IGZO/AlOx devices were patterned
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by standard photolithographic processes (W/L = 160/20) and passivated with 1 μm thick parylene.
Electrical characterization was performed by measuring current-voltage characteristics of the devices
using a semiconductor parameter analyzer (Agilent 4155C, Agilent Technologies, Santa Clara, CA,
USA) attached to a microprobe station (Cascade M150, FormFactor, Livermore, CA, USA), inside a
Faraday cage, in the dark and at room temperature.

Transfer curves were performed in double sweep mode and used to extract turn-on voltage (VOn),
threshold voltage (VT), hysteresis (VHyst), subthreshold slope (SS), mobility in saturation regime (μSat)
and on/off current ratio (IOn/IOff). A gate-to-source voltage (VGS) from −10 to 20 V and a drain-to-source
voltage (VDS) of 20 V were applied. SS was estimated by [33]:

SS =

(
d log(IDS)

dVGS

∣∣∣∣∣∣
max

)−1

VT was derived from a linear fitting
√

IDS vs. VGS in the saturation region [33]:

IDS =
WCi
2L
μSat(VGS −VT)

2

where W and L are the channel width and length, and Ci is the gate dielectric capacitance per unit area.
μSat was obtained by [33]:

μSat =

(
∂
√

IDS

∂VGS

)2
2L

WCi

Positive gate bias stress tests were performed on IGZO/AlOx TFTs using a semiconductor parameter
analyzer (Keysight 4200SCS, Penang, Malaysia) and probe station (Janis ST-500, Woburn, MA, USA)
under air environment by applying a constant gate voltage (0.5 MV·cm−1 electric field) for one hour.

3. Results and Discussion

3.1. Precursor Solutions and Thin Films Characterization

Solution combustion synthesis is an efficient method to obtain high-quality thin films at lower
temperatures than sol-gel, by initiating an exothermic reaction between an oxidizer (usually nitrates)
and an organic fuel acting as reducing agent. The generated localized energy efficiently converts the
metal nitrates precursors into oxides [24,34].

The thermal characterization of the precursor solutions is relevant to evaluate the decomposition
of metal oxides and the combustion reaction ignition temperature. Figure 1 illustrates DSC-TG data of
IGZO 3:1:1 0.2 M solutions with and without urea.

The intense exothermic peaks, accompanied by a significant weight loss, correspond to the
combustion reaction of residual fuel in the formation of IGZO thin films. For the precursor solution
without urea, two exothermic peaks are observed at 110 ◦C and 340 ◦C, which can indicate the
formation of two distinct materials due to a non-uniform distribution of the metal cations within the
gel phase of the reaction. This has also been observed for the formation of other multicomponent
oxides, such as ZTO, where the presence of more than one metal cation can lead to multistep synthesis
and consequently ununiform material [35]. Thus, the complete conversion of the precursor without
urea requires temperatures above 300 ◦C. When urea is used as fuel, only one exothermic peak is
observed at 230 ◦C, which indicates that the IGZO formation occurs in one step, thus contributing to
the uniform cation distribution. This conclusion is corroborated by comparison of In:Ga:Zn ratios by
EDS and XPS analysis, as discussed further below (Figure 2b–d).
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Figure 1. Differential scanning calorimetry (DSC)-thermogravimetry (TG) analysis of the IGZO (3:1:1)
precursor solution with 2-ME as solvent and using with or without urea as fuel.

In the solution combustion precursor, no weight loss was observed above 230 ◦C, suggesting that
this annealing temperature is enough to eliminate all organics in IGZO films. Nevertheless, for IGZO
films deposition the annealing was perform at 300 ◦C in order to assure the complete formation of
M–O–M. To study the influence of composition and thickness in produced IGZO films’ properties,
combustion precursor solutions were prepared with In:Ga:Zn ratio of 1:1:1; 2:1:1; 2:1:2 and 3:1:1 and 1-,
2- and 3-layered films IGZO thin films were deposited by spin-coating.

FTIR spectra of all IGZO films were performed after annealing at 300 ◦C and compared to spectra
of precursor solutions which confirm the removal of organic compounds and the presence of M-O
bonds in thin films after annealing (see Figure S1 and Table S6 in the Supplementary Materials).

IGZO films thickness was assessed by spectroscopic ellipsometry for all conditions. As expected,
film thickness does not vary significantly for different composition as for all precursor solutions the
viscosity is 2.30 ± 0.04 cP (Table S7), since concentration was maintained constant at 0.2 M. Additionally,
film thickness increases almost linearly with the number of deposited layers with d ≈ 14 nm for 1-layer
films; d ≈ 27 nm for 2-layer films and d ≈ 37 nm for 3-layer films (Table S8). Optical characterization
shows typical average transmittance in the visible range of ~88% (Figure S2) as expected for IGZO
thin films.

Optical bandgap energy (Eg) calculation by spectroscopic ellipsometry for combustion IGZO films
with different In:Ga:Zn ratio (Table S9) reveals higher Eg for IGZO 1:1:1 (Ga-rich, Eg = 3.68 ± 0.03 eV),
which is expected due to the higher Eg of GaOx compared to InOx and ZnO, whereas for the remaining
compositions Eg = 3.45 ± 0.06 eV which is in agreement with reported values of IGZO films [29].

XRD, AFM and SEM analysis were performed to assess structural and morphological characteristics
of the thin films. XRD analysis of solution processed IGZO was obtained by spin coating three layers
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on Si substrates. The absence of diffraction peaks indicates that no long-range order is present, as
expected for multicomponent oxides, and amorphous films are obtained up to 300 ◦C (Figure 2a).

Figure 2. (a) X-Ray diffraction (XRD) of combustion IGZO films with different In:Ga:Zn ratio; inset shows
the scanning electron microscopy (SEM) surface image and atomic force microscopy (AFM) topography
of 3-layer IGZO 3:1:1; (b) atomic concentration (%) of each metallic cation in 3-layer combustion IGZO
films with different In:Ga:Zn ratio determined by electron dispersive X-ray spectroscopy (EDS) analysis;
(c) X-ray photoelectron spectroscopy (XPS) surface spectra of IGZO 3:1:1 thin films produced with and
without urea (d) and In:Ga:Zn atomic percentage after argon cluster etching (0–300 s).

SEM surface images and AFM deflection (Figure 2a inset) show that smooth and uniform films
are obtained regardless of processing conditions. The films roughness was determined from the AFM
height profile of a 2 × 2 μm2 area scan with rms roughness being lower than 0.3 nm for all films
(Figure S3), as required for the integration in electronic devices.

Atomic percentage of metal cations was determined for combustion IGZO films by EDS analysis
to determine films stoichiometry for different In:Ga:Zn ratio. Figure 2b shows that in general the films
stoichiometry matches the In:Ga:Zn ratio of IGZO precursor solutions with a slight Ga deficiency for
2:1:1 and 3:1:1 films.

X-ray photoelectron spectroscopy (XPS) was performed to evaluate the structure of IGZO films
produced with and without urea. Figure 2c shows high resolution spectra of the initial films’ surfaces.
Differential charging occurred during this measurement, thus, the spectra were charge referenced
to C 1 s at 284.8 eV a posteriori. The O 1s spectra of the films’ surfaces are deconvoluted into three
main peaks. The first component (OI) at its lowest binding energy, 529.9 ± 0.1 eV, corresponds to
M–O–M bonds [36]. The second component (OII), centered at 531.3 ± 0.1 eV, is either associated with
M–O–M bonds at the surface or undercoordinated oxygen [37]. The third component (OIII), centered
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at 532.3 ± 0.1 eV, is related to water and organic species adsorbed on the surface [36]. The two films
have an identical C 1 s emission (not shown here), confirming a similar amount of contamination
by adventitious carbon. Hence, it can be concluded that the addition of urea during the synthesis
promotes the formation of M–O–M bonds at the surface. In order to address the volume of the films,
XPS depth profiles were performed, given in Figure 2d. An argon cluster mode was chosen in order to
induce less damage to the material than with a conventional monoatomic mode. The motivation to do
depth profiles came from the cation stoichiometries observed at the surface (given in Figure 2d after 0 s
of etching), which show that both films’ surfaces are highly deficient in gallium, particularly the film
produced without urea. For both films prepared with and without urea, the cation stoichiometries tend
to match the EDS results of Figure 2b scanning the films’ thicknesses towards the substrate interface.
However, the cation stoichiometry of the film prepared with urea matches exactly the EDS results
already after the first etching step and is maintained throughout the films’ thickness. On the contrary,
the gallium content of the film prepared without urea continuously increased with further etching.
Two conclusions can be made from these results: first, the as-deposited surfaces of the IGZO films
(with and without urea) are generally poor in gallium; second and most importantly, combustion
synthesis using urea as fuel promotes film formation with a uniform cation distribution throughout
the thickness, which is in line with the single exothermic peak in the DSC analysis in Figure 1.

Note that after argon cluster etching, only the first two O 1s components are observed and the
third peak originating from adsorbates is no longer present (see Supporting Information Figure S4).
This supports the assignment of the O 1s components made above, with the OII component partially
and the OIII component entirely related to adsorbed surface species.

3.2. Electrical Characterization of IGZO Thin Film Transistors (TFTs)

Electrical characterization of solution processed IGZO/SiO2 TFTs was performed by measuring
the transfer characteristics of the devices in ambient conditions in the dark to study the influence of
semiconductor composition ratio and number of layers in device performance (Figure 3).

Figure 3a shows transfer characteristics of IGZO TFTs with different compositions, and IGZO
TFTs with variation of layers; the statistics of the extracted parameters are represented in Figure 3b.
For In-rich composition IGZO 3:1:1, the on/off current ratio (IOn/IOff) and saturation mobility (μSat)
increases one order of magnitude compared to IGZO 2:1:1 and 1:1:1. Indium cations constitute the
main element of conduction band minimum (CBM) in these amorphous structures, where potential
barriers arising from random distribution of zinc and gallium cations exist. Thus, by increasing
indium content, the potential barriers derived from structural randomness decrease, enhancing carrier
transport. In IGZO 1:1:1 the values of IOn/IOff and μSat are lower as the higher gallium content helps
suppress free carrier generation by forming stronger chemical bonds with oxygen when compared to
zinc and indium cations. Therefore, gallium and zinc content must be tailored to guarantee amorphous
films [16,38]. Still, it is relevant to notice from Figure 3a that off-current is not being significantly
affected by the different IGZO compositions, being governed by the gate-to-source leakage current
(IGS), as expected for a TFT. However, this can also be related with the very low thickness of IGZO
with 1 layer (d ≈ 14 nm), allowing for the depletion region arising from the atmosphere interaction
with the IGZO back-surface to be extended through the entire IGZO films thickness [39]. The results
obtained for different IGZO thickness, discussed below, shed light into this phenomenon.
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Figure 3. Transfer characteristics of IGZO thin-film transistors (TFTs) (a) with a different In:Ga:Zn
ratio and (b) respective electrical parameters; (c) with 1-, 2- and 3-layer IGZO 3:1:1 TFTs and (d) their
respective electrical parameters.

To understand the thickness influence, a different number of layers (1, 2 and 3) were studied in
IGZO 3:1:1 TFTs (Figure 3c,d). It is evident the negative shift on VOn and VT and a higher IOff with
the increasing number of spin coated layers, due to higher free carrier concentration (N) in the bulk
of the thicker active layer, leading to charge accumulation in the semiconductor/dielectric interface;
therefore the conductive channel forms at lower VGS values [39]. The better electrical performance of
3-layer films can also be associated with lower porosity as with each layer deposited defects caused by
gaseous products release are decreased and film densification is enhanced.

Optimized electrical performance was obtained for 3-layer IGZO 3:1:1 TFTs. As such, and to
further assess the effect of urea in device performance, 3-layer TFTs were also produced using IGZO
3:1:1 precursor solution without urea (Figure S5 in Supporting information). The later devices show
overall poor electrical performance with high hysteresis and low stability, thus confirming the crucial
role of urea in the proper formation of IGZO at temperatures ≤300 ◦C.

Figure 4 shows transfer characteristics of 3-layer IGZO (3:1:1) TFTs as deposited and after 5 weeks
to assess device ageing. Overall device performance (IOn/IOff, SS and μSat) was maintained however
VOn and VT show a slight negative shift over time associated to the increase of carrier density which
results in the rise of oxygen vacancy concentration in the channel [40].
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Figure 4. Transfer characteristics of a 3-layer IGZO 3:1:1 TFT as deposited and after 5 weeks.

Fully solution based TFTs were produced by combining optimized 3-layer IGZO 3:1:1 with
high-кsolution process dielectric AlOx to enable low voltage operation. Capacitance variation with
frequency of Si/AlOx/Al MIS devices is depicted in Figure S6, where Ci = 306 ± 2 nF was determined
for AlOx at 100 Hz. IGZO/AlOx TFTs were patterned (W/L = 160/20) and passivated with chemical
vapor deposited parylene.

Electrical characterization of fully solution-based 3-layer IGZO 3:1:1/AlOx TFTs is depicted in
Figure 5. TFTs transfer characteristics (Figure 5a) were obtained by varying VGS from −1 to 2 V for VDS
of 2 V. The fully solution-based devices demonstrate enhanced performance when compared to SiO2

non-passivated TFTs namely, IOn/IOff = 106, μSat = 3.2 cm2 V−1 s−1, SS = 73 mV dec−1, VOn = 0.18, VT =

0.63 V and IGS.
The devices operational stability under positive gate bias stress (PBS) was studied in air

environment by applying a constant gate voltage equivalent to electrical field of 0.5 MV·cm−1,
while keeping the source and drain electrodes grounded. The transfer characteristics of 3-layer IGZO
(3:1:1)/AlOx TFTs were obtained in saturation regime (VDS = 2 V) at selected times during stress (Figure
S7 in the Supplementary Materials) and the threshold voltage variation (ΔVT) with time during PBS
is shown in Figure 5b. The devices show a negative threshold voltage shifts under PBS, which was
previously reported for IGZO TFTs using solution processed and sputtered high-κ dielectrics by our
group [34,41]. The abnormal shift in VT when applying PBS is associated to the hydrogen release from
residual AlO-H bonds in the AlOx gate dielectric and their migration to the IGZO channel. By diffusing
the hydrogen atoms in the channel, a negative ΔVT is induced through electron doping power-law
time dependence [42]. Initially VT shifts abruptly however after 30 min the devices stabilize with
maximum ΔVT = −0.22 V after 1 h of PBS.
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Figure 5. (a) Transfer characteristics of a fully solution-based passivated 3-layer IGZO 3:1:1/AlOx TFT;
(b) threshold voltage variation (ΔVT) under positive gate bias stress (PBS) (0.5 MV·cm−1) for 1 h in
air environment.

4. Conclusions

In summary, we clearly demonstrated the importance of IGZO composition and number of layers
in combustion solution based IGZO TFTs. The use of urea as fuel is crucial to produce high quality
IGZO films at lower temperature and assure that the precursors In:Ga:Zn ratio is maintained in the
films. Indium content plays a major role to achieve enhanced electrical properties and 3-layer films
show improved densification. Fully solution processed TFTs with low operation voltage were achieved
with optimized 3-layer IGZO (3:1:1) active channel layer and AlOx high-кdielectric. These devices
demonstrate enhanced dielectric-semiconductor interface (SS = 73 mV·dec−1) and saturation mobility
of 3.2 cm2 V−1 s−1 with good stability over time. These results have been proved to be reproducible
encouraging the use of fully solution based IGZO TFTs for low-cost electronic applications.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/9/9/1273/s1,
Table S1: Redox reactions regarding this work, Table S2: Overall oxide formation reaction considering metal
nitrate reduction and urea oxidation reactions, Table S3: Calculation of oxidizing and reducing valence of reagents
by the Jain method, Table S4: umber of moles of urea per mole of oxidant to ensure stoichiometry (ϕ = 1) of the
redox reaction, Table S5: Stoichiometric overall oxide formation reactions, Figure S1: (a) FTIR spectra of IGZO
solutions; (b) 3-layer IGZO thin films on Si substrates, after annealing at 300 ◦C for 30 min, Table S6: Characteristic
absorbance peaks and associated vibrational modes of the corresponding chemical bonds for analyzed FT-IR
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spectra of IGZO solutions, Table S7: Viscosity of combustion IGZO precursor solutions with different In:Ga:Zn
ratio, Table S8: Combustion IGZO films’ thickness measured by spectroscopic ellipsometry, Table S9: Bandgap
energy (Eg) of combustion IGZO thin films determined by spectroscopic ellipsometry, Figure S2: Transmittance
measurements of combustion of 1-, 2- and 3-layer IGZO 3:1:1, Figure S3: AFM deflection images (2 × 2 μm2) of 1-,
2- and 3-layer IGZO thin films with different In:Ga:Zn ratio (a) 1:1:1, (b) 2:1:2, (c) 2:1:1 and d) 3:1:1, Figure S4:
Deconvoluted O 1s spectra of the XPS depth profile after 0 s, 100 s and 200 s argon cluster etching, Figure S5:
Transfer characteristics of 3-layer 3:1:1 IGZO TFTs produced using IGZO precursor solutions with and without
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