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1. Introduction

The combination of hot working technologies with a thermal path, under controlled conditions
(i.e., thermomechanical processing) provides opportunities to achieve required mechanical properties
at lower costs. The replacement of conventional rolling plus post-rolling heat treatments by integrated
controlled forming and cooling strategies implies important reductions in energy consumption,
increases in productivity and more compact facilities in the steel industry. The metallurgical challenges
that this integration implies, though, are relevant and impressive developments that have been achieved
over the last 40 years. The development of new steel grades and processing technologies devoted to
thermomechanically-processed products is increasing and their implementation is being expended to
higher value added products and applications.

The achievement of mechanical properties and process stability during a thermomechanical
controlled process (TMCP) depends on the chemical composition, process parameter
control, and optimization, as well as post-forming cooling strategy and thermal treatments.
Therefore, this Special Issue combines contributions to different fields, topics, steel grades, and
forming technologies applying TMCP processes to steels.

In addition to the metallurgical peculiarities and relationships between chemical composition,
process, and final properties, the impact of advanced characterization techniques and innovative
modeling strategies provides new tools to achieve further deployment of TMCP technologies.

This Special Issue on Thermomechanical Processing of Steels gathers papers written by experts
from the steel industry and academia summarizing their latest developments and achievements in
the field.

2. Contributions

The present Special Issue on Thermomechanical Processing of Steels includes eleven research
papers [1–11]. A wide range of steel grades are covered in these papers. Although most of the
papers deal with low carbon microalloyed grades [1,3,6,9,10], several papers study ferritic stainless
steels [2,5,7] and others focus on grades such as Fe–Al–Cr alloys [4], medium-Mn Nb microalloyed
steels [8], and medium carbon V microalloyed grades [11].

While some papers cover specific performance problems and optimization alternatives for
industrial processing conditions [3,7,8], most of the papers deal with more fundamental analyses of
physical metallurgy mechanisms and microstructural evolution [1–7,9–11].

Chang et al. [1] simulate a welding thermal cycle technique to generate different sizes of prior
austenite grains. Dilatometry tests, in situ laser scanning confocal microscopy, and transmission electron
microscopy are used to investigate the role of prior austenite grain size on bainite transformation in
low carbon steel. In addition to the Hall–Petch strengthening effect, the carbon segregation at the fine
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austenite grain boundaries is probably another factor that decreases the Bs temperature as a result of
the increase in interfacial energy of nucleation.

Shao et al. [2] study the effects of deformation temperature, deformation reduction,
and deformation rate on microstructural formation, ferritic and martensitic phase transformation,
stress–strain behaviors, and micro-hardness in low-carbon ferritic stainless steels. The increase
in deformation temperature promotes the formation of fine equiaxed dynamic strain-induced
transformation ferrite and suppresses martensitic transformation. The increase in deformation
can effectively promote the transformation of dynamic strain-induced transformation (DSIT) ferrite,
and decrease the martensitic transformation rate, which is caused by the work hardening effect on the
metastable austenite.

Mayo et al. [3] analyze laboratory thermomechanical simulations reproducing intercritical
rolling conditions performed in plain low-carbon and NbV-microalloyed steels. Using the electron
backscattered diffraction (EBSD) technique, the discretization between intercritically deformed ferrite
and new ferrite grains formed after deformation is achieved. The austenite conditioning before
intercritical deformation in the Nb-bearing steel affects the balance of final precipitates by modifying
the size distributions and origin of the Nb (C, N). This fact could modify the substructure in the
intercritically deformed grains.

Wang et al. [4] propose a method of using the second phase to control the grain growth in Fe–Al–Cr
alloys, in order to obtain better mechanical properties. In Fe–Al–Cr alloys, austenitic transformation
occurs by adding austenitizing elements, leading to the formation of the second phase and segregation
at the grain boundaries, which hinders grain growth. The nucleation of σ phase in Fe–Al–Cr alloy was
controlled by the ratio of nickel to chromium. When the Ni/Cr (eq) ratio of alloys was more than 0.19,
σ phase could nucleate in Fe–Al–Cr alloy. The relationship between austenitizing and nucleation of
FeCr(σ) phase is given by thermodynamic calculation.

Han et al. [5] study the influence of temperature and strain rate on the hot tensile properties of
0Cr18AlSi ferritic stainless steel, a potential structural material in the ultra-supercritical generation
industry. This work provides a deep understanding of the hot deformation behavior and its mechanism
of the Al-bearing ferritic stainless steel and thus provides a basal design consideration for its extensive
application. Both yield strength and ultimate tensile strength increase with the increase in strain
rate. At high temperatures and low strain rates, prolonged necking deformation is observed,
which determines the ductility of the steel to some extent.

García-Sesma et al. [6] focused their paper on the study of hot working behavior of Ti–Nb
microalloyed steels with high Ti contents (>0.05%). After analyzing the torsion tests, it was observed
that the 0.1% and 0.15% Ti additions resulted in retarded softening kinetics at all temperatures.
This retardation can be mainly attributed to the solute drag effect exerted by Ti in solid solution.
The precipitation state of the steels after reheating and after deformation was characterized and the
applicability of existing microstructural evolution models was also evaluated.

Mancini et al. [7] analyze the manufacturing of ferritic stainless steel flat bars. In their paper,
the origin of some edge defects occurring during hot rolling of flat bars of this grade is analyzed
and thermomechanical and microstructural calculations are carried out to enhance the quality of
the finished products by reducing the jagged borders defect on the hot rolled bars. Results show
that the defect is caused by processing conditions that trigger an anomalous heating which, in turn,
induces an uncontrolled grain growth on the edges. The work-hardened and elongated grains do not
recrystallize during hot deformation. Consequently, they tend to squeeze out the surrounding softer
and recrystallized matrix towards the edges of the bar where the fractures that characterize the surface
defect occur.

Cerda Vázquez et al. [8] propose a novel medium-Mn steel (6.5 wt.% Mn) microstructure with
0.1 wt.% Nb designed using Thermo-Calc and JMatPro thermodynamic simulation software. The as-cast
microstructure consists mainly of a mixture of martensite, ferrite, and a low amount of austenite,
while the microstructure in the homogenization condition corresponds to martensite and retained
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austenite, which is verified by X-ray diffraction tests. In order to design further production stages
of the steel, the homogenized samples were subjected to hot compression testing to determine their
plastic flow behavior.

Webel et al. [9] combine results from various characterization methods for tracing microalloy
precipitation after simulating different austenite TMCP conditions in a Gleeble thermo-mechanical
simulator. Atom probe tomography (APT), scanning transmission electron microscopy in a
focused ion beam equipped scanning electron microscope (STEM-on-FIB), and electrical resistivity
measurements provide complementary information on the precipitation status and correlate with each
other. Precipitates that formed during cooling or isothermal holding could be distinguished from
strain-induced precipitates by corroborating STEM measurements with APT results, because APT
specifically allowed obtaining detailed information about the chemical composition of precipitates as
well as the elemental distribution.

Felker et al. [10] assess the influence of thermomechanical processing on the evolution of
austenite and the associated final ferritic microstructures. Hot strip mill processing simulations were
performed on a low-carbon, titanium-molybdenum microalloyed steel using hot torsion testing to
investigate the effects of extensive differences in austenite strain accumulation on austenite morphology
and microstructural development after isothermal transformation. Greater austenite shear strain
accumulation resulted in greater refinement of both the prior austenite and polygonal ferrite grain
sizes. Further, polygonal ferrite grain diameter distributions were narrowed, and the presence of hard,
secondary phase constituents was minimized, with greater amounts of austenite strain accumulation.
The results indicate that extensive austenite strain accumulation before decomposition is required to
achieve desirable, ferritic microstructures.

Finally, Pushkareva et al. [11] investigate V additions on isothermally formed bainite in medium
carbon steels containing retained austenite using in-situ high-energy X-ray diffraction (HEXRD)
and ex-situ electron energy loss spectroscopy (EELS) and energy dispersive X-ray analysis (EDX)
techniques in the transmission electron microscope (TEM). No significant impact of V in solid solution
on the bainite transformation rate, final phase fractions or on the width of bainite laths was seen for
transformations in the range 375–430 ◦C. A beneficial refinement of blocky martensite-austenite (MA)
and a corresponding size effect induced enhancement in austenite stability were found at the lowest
transformation temperature. Overall, V additions result in a slight increase in strength levels.

3. Conclusions and Outlook

The development of thermomechanical processing has been impressive in the last years. Nowadays,
the application of thermomechanical processes, reducing the cost and time needed for final heat
treatments is extended to a wide variety of steel grades and products, as shown in the papers gathered
in the current Special Issue. These developments, though, require a high level of intensive research and
transferability to the industry and understanding of basic mechanisms, which with a proper processing
control, will ensure the reliability of these processing routes under the most challenging operational
conditions. The interest and high level of contributions published in this Special Issue ensure that the
link between research and industry will not break anytime soon.

As Guest Editors, we would like to express our sincere thanks to all the authors for submitting
their manuscripts and sharing their latest developments. We also would like to encourage them and the
rest of the community to continue researching and publishing in steel-related topics, as their relevance
to industry and society is vital for progress in the future.

Conflicts of Interest: The author declares no conflicts of interest.
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Abstract: The simulation welding thermal cycle technique was employed to generate different
sizes of prior austenite grains. Dilatometry tests, in situ laser scanning confocal microscopy, and
transmission electron microscopy were used to investigate the role of prior austenite grain size on
bainite transformation in low carbon steel. The bainite start transformation (Bs) temperature was
reduced by fine austenite grains (lowered by about 30 ◦C under the experimental conditions). Through
careful microstructural observation, it can be found that, besides the Hall–Petch strengthening effect,
the carbon segregation at the fine austenite grain boundaries is probably another factor that decreases
the Bs temperature as a result of the increase in interfacial energy of nucleation. At the early stage of
the transformation, the bainite laths nucleate near to the grain boundaries and grow in a “side-by-side”
mode in fine austenite grains, whereas in coarse austenite grains, the sympathetic nucleation at the
broad side of the pre-existing laths causes the distribution of bainitic ferrite packets to be interlocked.

Keywords: low carbon steel; prior austenite grain boundary; carbon segregation; Bs temperature

1. Introduction

Prior austenite grain size is a vitally important parameter to influence phase transformation
behavior in steels, because to a great extent, it determines the number of nucleation sites and the
space of the growth of products. For martensite transformation, it is well recognized that fine
prior austenite grain size decreases the martensite start transformation (Ms) temperature, as the
Hall–Petch strengthening effect for fine austenite grains improves resistance to the plastic deformation
of martensite transformation [1]. Meanwhile, it further refines the martensitic block width and packet
size, or likely forms a phenomenon of variant selection in the crystallography, which plays a critical
role in tailoring the final mechanical properties [2–5].

The effect of prior austenite grain size on bainite transformation is also of significance, although
the related results seem to be in dispute [6–11]. Some studies considered that fine austenite grains
accelerate the kinetics of bainite transformation, as the increase in the number of grain boundaries
provides more preferable sites for nucleation of ferritic laths. By contrast, others found that the bainite
formation is insensitive to the prior grain size or even that the growth of bainite is retarded by fine
prior grains. The bainite start transformation (Bs) temperature is found to be lowered with decreasing
austenite grain size under the continuous cooling condition, a very similar trend to that found with
the Ms temperature. It is taken for granted that they have a similar mechanism for the decrease in

Metals 2018, 8, 988; doi:10.3390/met8120988 www.mdpi.com/journal/metals5
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transformation temperature [10,11]. However, it should be noted that the martensite transformation
is an athermal transformation, whereas the bainite transformation is, sometimes, regarded as a kind
of thermally activated nucleation and growth reaction—it does not seem very convincing that the
Hall–Petch strengthening effect in fine austenite grains is considered as a sole factor to decrease the Bs
temperature. Recently, some studies reported that the variant distribution of bainite is limited in fine
austenite grains compared with large austenite grains [12–14]. This phenomenon may be related to the
difference in the temperature range of bainite transformation with varying prior grain size [13]. It is
thus worth further exploring what else, besides the Hall–Petch strengthening effect, is likely to play a
role in retarding the bainite transformation for fine austenite grains.

In this work, welding thermal simulation was employed to generate different sizes of prior
austenite grains and to prove the effect of prior grain size on phase transformation, because the
inhomogeneous austenite grain size is representative of the heat-affected zone (HAZ). In situ
observation using high-temperature laser scanning confocal microscopy (LSCM) and partial bainite
transformation tests were carried out to further reveal the microstructural characters at the early stage
of the transformation with different prior austenite grain sizes.

2. Experimental Method

The chemical composition of low carbon steel in this study was 0.053 C, 0.22 Si, 1.35 Mn, 0.082
(Nb + V + Ti), 0.0012 B, 0.23 Cr, 0.37 Mo balanced by Fe.

Specimens with dimensions of ϕ 6 × 50 mm were cut from the hot rolled steel plate along the
transversal direction. The HAZ simulations were carried out using a thermo-mechanical simulator
and a two dimensional Rykalin mathematical model was adopted to control the testing temperature.
A Pt-10% Rh thermocouple was welded at the middle of the cylinders to monitor the temperature
change during heat treatment. A linear variable displacement transducer type dilatometer was used to
measure the relative change in diameter of these samples.

Specimens were heated to a peak temperature at a rate of 130 ◦C/s and held for 2 s. The peak
temperature was set at 1350 and 1100 ◦C to obtain widely varying austenite grain sizes, which simulates
the thermal cycles at coarse grained HAZ (CGHAZ) and fine grained HAZ (FGHAZ), respectively.
The samples were then subjected to various cooling rates that were defined as the cooling time from
800 to 500 ◦C (the t8/5 time varies from 5 to 600 s) until the phase transformation has completed.
Figure 1 shows the measured thermal cycle curves. Dilatation curves were obtained to determine
the phase change temperatures. Continuous cooling transformation (CCT) diagrams for the CGHAZ
and FGHAZ were constructed together to exhibit the effect of prior austenite grain size on phase
transformation, although the CCT diagram of the CGHAZ has been reported elsewhere [13].

Figure 1. Typical thermal cycle curves with different peak temperatures and cooling times (water
quenching process signified schematically with red arrows).
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The partially transformed bainite microstructure was expected to be retained using an interrupted
cooling method by water quenching. Based on the CCT diagrams, the partial bainite transformation
samples were quenched in water immediately after the welding thermal cycle temperature was lowered
to 470, 500, or 550 ◦C, as signified with red arrows in Figure 1.

For in situ observation of phase transformation, two samples were cut directly from the welding
thermal simulation samples, machined into disks (6 mm diameter and 3 mm thickness), and then
mechanically polished. These prepared samples were austenitized at 1300 ◦C and 1100 ◦C to simulate
the CGHAZ and FGHAZ thermal cycles, respectively. The linear cooling rate of 2.5 ◦C/s was employed,
which is approximately equal to the average cooling rate of the t8/5 = 120 s cooling time. The real-time
information of phase transformation was recorded using high-temperature LSCM.

Metallographic specimens were cut from the heat treatment region of interest and then
polished by conventional techniques. Microstructural characteristics were examined using an optical
microscope(Leica DMIRM, Leica company, Weitz, Germany), a field-emission scanning electron
microscope equipped with electron probe microanalysis (SEM, ULTRA 55, ZEISS, Jena, Germany),
and a transmission electron microscope (TEM, FEI Tecnai G2F20, FEI company, Hillsboro, OR, USA).
Vickers hardness measurements were conducted using an FM 700 hardness-testing machine (Hardness
tester, FM-700, FUTURE-TECH company, Kawasaki-City, Japan) employing a 0.5 N load with 15 s
dwell time. The average hardness values for each heat treatment condition were calculated based on
at least 10 repeat tests.

3. Results and Discussion

On the basis of the dilatation curves (some typical examples were given in the literature [11,13]),
the transformation start/finish temperatures could be confirmed with a normal extrapolation
method [15]. The CCT diagrams for CGHAZ and FGHAZ are constructed together in Figure 2a.
The transformation start temperature gradually lowers and the transformation finish temperature first
increases, but then decreases with the decrease in cooling time. The bainite microstructure could be
formed within a wide range of cooling rates, as marked in the diagram, which are attributed to the
fact that the combined addition of multi-microalloys, such as Mo, Nb, Ti, and V, into steel extends the
range of bainite transformation [16]. As expected, FGHAZ always has a lower Bs temperature than
CGHAZ for any given cooling rate (highlighted with gray background), although the discrepancy in
bainite transformation finish temperature seems to be very insignificant. The largest difference in the
Bs temperature between CGHAZ and FGHAZ is about 30 ◦C at the middle cooling rate.

Figure 2. (a) Continuous cooling transformation (CCT) diagrams with different peak temperatures and
(b) the change of Vickers hardness as a function of cooling time (CGHAZ: coarse grained heat-affected
zone, FGHAZ: fine grained HAZ, LM: lath martensite, BF: bainitic ferrite, GB: granular ferrite).

Figure 2b shows the change of hardness with cooling time. As the cooling time increases, the
hardness decreases rapidly and then gradually levels off. Meanwhile, at a given cooling rate, FGHAZ
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always seems to have a slightly higher hardness than CGHAZ. This further proves the difference in
transformation behaviors (Figure 2a) because the lower temperature transformation microstructure
normally results in a higher hardness.

Figure 3 represents three groups of typical microstructures for CGHAZ and FGHAZ after they
were subjected to the t8/5 times of 5, 85, and 600 s, respectively. The average grain size of FGHAZ
measured with the line intercept method ranges from about 16.8 μm to 29.5 μm, while CGHAZ
has an average grain size higher than 300 μm. At the shortest cooling time, the microstructure
is predominantly lath martensite, accompanied by very little bainitic ferrite, regardless of peak
temperature (Figure 3a,d). Comparing Figure 3a and d, the packet size of martensite in the morphology
seems to be refined by the fine prior grain size (Figure 3e). Because of the hierarchical structure of
martensite [2–5], the block size and lath width may be also decreased in FGHAZ.

Figure 3. Cont.
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Figure 3. Optical microstructure with different peak temperatures: (a–c) 1350 ◦C and (d–f) 1100 ◦C, and
different cooling times: t8/5 (a,d) 5 s, (b,e) 85 s, and (c,f) 600 s. (LM: lath martensite, BF: bainitic ferrite,
GB: granular ferrite, and some martensite–austenite (MA) constituents were signified with arrows).

At the cooling time (85 s), CGHAZ and FGHAZ microstructures are mainly characterized by
bainitic ferrite (Figure 3b,e). However, the martensite–austenite (MA) constituents that are formed
below the Ms temperature as a result of incomplete bainite transformation [17] have different sizes
and distribution sites, although most of them have a similar short and slender shape. For example,
the MA constituents in CGHAZ are present inside the grains and their distribution approximately
describes some sites of parallel lath boundaries [17]; while in FGHAZ, most of them appear along
the prior austenite grain boundaries (signified with arrows in Figure 3e), which seems to make the
grain boundaries coarser. The distribution of MA constituents implies that the redistribution of carbon
atoms is different during the transformation for CGHAZ and FGHAZ, because notable enrichment of
carbon was observed within the MA constituents using atom probe tomography (APT) [18].

As the cooling time increases to 600 s, the predominant microstructure for CGHAZ and FGHAZ
becomes granular bainite (Figure 3c,f). The MA constituents have a massive shape, mainly because
the uphill diffusion of carbon atoms becomes much easier at the lower cooling rate condition [19].
However, for CGHAZ, most massive MA constituents distribute uniformly in the matrix, except that a
few of the MA constituents appear along the prior austenite grain boundaries, whereas in FGHAZ,
they seem to have a larger average size and are mainly attached to the grain boundaries, as signified
by arrows in Figure 3c,f. Because CGHAZ and FGHAZ have similar microstructures, the difference of
MA constituents should be mainly attributed to the number of grain boundaries (i.e., prior austenite
grain size), as the grain boundary has a higher diffusivity for interstitial atoms (including C, B, and H)
than the grain interior and also act as a sink for these atoms [20–22].

Using the high temperature LSCM observation, the real-time features of bainite at the early stage
of the transformation were recorded, as shown in Figures 4 and 5. The phase transformation does not
occur when the temperature decreases to 634 ◦C (Figure 4a). The first ferritic lath can be found at 632
◦C and its nucleation site is exactly on the grain boundary, as signified with an arrow in Figure 4b.
However, this temperature is higher than that detected using a dilatometer (Figure 2a). This difference
is probably acceptable as the dilatometer sensitivity is about 10 percent volume fraction transformed
and the free surface effect of the LSCM sample can enhance the transformation temperature [23]. With
a further slightly decreasing temperature (629 ◦C), several ferritic laths form, simultaneously attached
to the grain boundaries (Figure 4c). Meanwhile, it is very interesting to find that a newly formed
ferritic lath sympathetically nucleates on the pre-existing ferritic lath and grows toward the other
direction, as marked with a cycled white arrow. This mechanism is a necessity that gives rise to the
interlocked distribution of bainitic ferrite packets and partitions the coarse austenite grains into several
finer and separate regions [24]. Nevertheless, other grains still do not occur in phase transformation,
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which means the bainite formation is inhomogeneous at the grain scale. This agrees well with the
results by Sainis et al. [25], who found that the rate of nucleation varies markedly between different
austenite grains.

Figure 4. In situ observation of phase transformation with the CGHAZ thermal cycle: (a) 634 ◦C,
(b) 632 ◦C, and (c) 629 ◦C. (The white arrows show that the ferritic laths form at the moment of
real-time photographing for each image, the red arrows show the pre-existing ferritic laths.).

For the FGHAZ thermal cycle, the austenite grains are smaller and their size is more uniform
(Figure 5a) compared with that of CGHAZ. When the temperature decreases to 610 ◦C, no obvious
phase transformation takes place (Figure 5b). The ferritic laths can first be found at 605 ◦C, and their
nucleation sites are also derived from the austenite grain boundaries (arrowed in Figure 5c), although
the image quality was not as good as before. The growth rate of these ferritic laths seems to be very
fast, leading to their length across almost the prior austenite grain in no time. Subsequently, the newly
formed bainitic laths appear in a “side-by-side” mode relative to the pre-existing laths, rather than
an interlocked mode as in CGHAZ with the decrease in temperature (Figure 5d), indicating that this
mode may make only a packet structure in the morphology formed inside each fine prior austenite
grain [14]. According to these real-time micrographs, it is confirmed that the fine austenite grain size
decreases the Bs temperature by about 30 ◦C, which is in good agreement with the dilatation tests.
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Figure 5. In situ observation of phase transformation with the FGHAZ thermal cycle: (a) 927 ◦C,
(b) 610 ◦C, (c) 605 ◦C, and (d) 602 ◦C. (The white arrows show that the ferritic laths form at the moment
of real-time photographing for each image, the black arrows show the pre-existing ferritic laths.)

Figure 6 shows the partially transformed bainite microstructure after the samples were subjected
to partial welding thermal cycle cooling, followed by water quenching. At the very beginning of
phase transformation, the lath morphology of ferrite forms and the nucleation of these ferritic laths are
attached to the grain boundary (Figure 6a). With the progress of bainite transformation (Figure 6b),
the packet structure of bainite can clearly be found as the carbides or MA constituents decorate the
parallel lath boundaries. Several primary ferritic laths nucleate at different sites of the grain boundary
inside one large prior austenite grain (marked with black arrows in Figure 6b), and many secondary
laths sympathetically nucleate on the pre-existing ferritic laths (signified with white arrows), which
agrees well with the LSCM results (Figure 4c). Through close observation of the nucleation sites of the
primary laths, no MA constituents can be found, implying that in this case, the carbon atoms do not
enrich at the nucleation sites of the prior austenite grain boundaries. On the contrary, most of carbon
atoms should be expelled into the lath boundaries during transformation.

Only a small amount of bainite microstructures can be found for the FGHAZ sample (Figure 6c)
when the quenching temperature decreases to 500 ◦C. The prior austenite grain boundaries seem
to be particularly evident (arrowed in Figure 6c) compared with these in Figure 6a using the same
etchant solution. The lath boundaries of bainite in the vicinity of prior austenite grain boundaries
are ambiguous as almost no any carbide was formed to decorate these lath boundaries in these
micro-regions (Figure 6d). An electron probe microanalysis on carbon distribution along the AB line
(Figure 6d) across a prior austenite grain boundary semi-quantitatively shows that the prior austenite
grain boundary with MA constituent contains much higher carbon concentration compared with the
grain interior (Figure 6e).
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Figure 6. Partially transformed bainite microstructure obtained by water quenching: (a,b) peak
temperature of 1350 ◦C with 85 ◦C/s cooling rate and quenching temperatures of 550 ◦C and 500 ◦C,
respectively; (c,d) peak temperature of 1100 ◦C with 120 ◦C/s cooling rate and quenching temperatures
of 500 ◦C and 470 ◦C, respectively; (e) the carbon distribution along the AB line across one grain
boundary shown in (d).

Several TEM images were joined together in Figure 7 to show the morphology of bainite formed
inside a fine prior austenite grain. Each of ferritic laths seem to be composed of several sub-units (one
of which was delineated) and very few of MA constituents can be formed along the lath boundaries.
These features are different from the morphology of bainite formed in coarse prior austenite grains
(the lath boundaries are always decorated by the slender MA constituents shown in Figure 5d of the
literature [13]). Based on the bainite transformation theory, these sub-units formed with a limited
size may be attributed to the fact that the increase in strength of austenite due to a relatively lower
transformation temperature or the limited space of ferritic growth impedes the plastic accommodation
of remaining austenite for transformation strain [26].
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Figure 7. Transmission electron microscope (TEM) images showing the fine structure and grain
boundary character of partially transformed microstructure using the same sample of Figure 6d (BF:
bainitic ferrite, M: martensite, grain boundary MA constituents are signified with white arrows and
fine MA constituents are marked with black arrows).

Most interestingly, the prior grain boundaries are decorated by many long strip MA constituents
with an average width of about 0.4 μm, as signified with white arrows (Figure 7). The magnified image
in Figure 8 shows they have a character of high density dislocation martensite, which implies that the
austenite along the grain boundaries is stabilized by carbon enrichment at these micro-zones, and most
of them transform into martensite during final quenching. From the morphology of ferritic lath point
of view, these carbon atoms enriched at the grain boundaries are considered to occur in super-cooled
austenite at very early stages of the transformation or even prior to the transformation. Assuming
that these segregated carbon atoms are expelled from the product phase during the transformation,
they should be enriched in front of the phase interface and a quasi-eutectoid structure is likely to be
formed [27], as presented in CGHAZ.

Figure 8. The magnified image showing the fine structure of the grain boundary MA constituent
corresponding to the zone squared in Figure 7 (BF: bainite ferrite, MA: grain boundary MA constituent,
M: martensite that transformed from remaining austenite of neighboring grain).
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4. Overall Discussion

The size and distribution of MA constituents are different between CGAHZ and FGHAZ,
regardless of similar microstructures under any cooling time condition (e.g., Figures 3 and 6).
This means that the prior austenite grain size to some extent influences the redistribution of carbon
atoms before and after the transformation, as schematically shown in Figure 9. The distribution of
carbon atoms should be very uniform in CGHAZ grains at elevated temperatures (Figure 9a), as the
solid solubility of carbon in austenite increases with the temperature. Additionally, the number of
vacancies generated inside the grains increases with the temperature, and they bind with carbon
atoms to form stable carbon–vacancy pairs [20,28]. As a result, the carbon atoms uniformly distribute
in super-cooled austenite for CGHAZ. During the transformation, the excess carbon atoms for BCC
crystals are expelled in front of the phase interface into the lath boundaries (Figure 9b).

Figure 9. Carbon redistribution in super-cooled austenite before and after the onset of bainite
transformation for CGHAZ (a,b) and FGHAZ (c,d).

The carbon atoms segregated along the prior austenite grain boundaries for FGHAZ (Figure 9c)
may be derived from the following two reasons. First, the grain boundary acts as a sink for vacancies.
The higher the density of grain boundaries, the easier the grain boundary segregation of carbon atoms
occurs because of the equilibrium and non-equilibrium segregation mechanism [29]. Second, the
trend of carbon diffusion into the grain boundaries may be enhanced as a result of the lowering solid
solubility of carbon in super-cooled austenite. However, the distance of carbon diffusion in FGHAZ
is much shorter than in CGHAZ, and the carbon diffusivity along the grain boundary is higher than
inside the grains [22], which gives rise to the presence of carbon enrichment at the grain boundaries
for the FGHAZ (Figure 9c), and the grain boundaries were finally decorated with the MA constituents
(Figure 9d). Timokhina et al. [30] found that two types of the remaining austenite with different lattice
parameters are present as a result of different carbon content at the beginning of the transformation
using an in situ neutron diffraction technique. This means that the carbon redistribution does occur at
the very early stage of the transformation, which seems to be in support of our result that the carbon
atoms may be segregated at the prior grain boundaries prior to the transformation, although the
present steel used has a much lower carbon content.

Zhang et al. [20] considered that the prior austenite grain boundaries, which are high-energy
regions with disordered atomic arrangements, could accommodate a number of carbon atoms and
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thus decrease the overall energy. In this sense, the difference in the carbon concentration of the grain
boundary will change the overall boundary energy, which further influences the drive force of grain
boundary nucleation. Therefore, carbon segregation at the grain boundaries in FGHAZ mentioned
above is probably responsible for the difference in Bs temperature. More details are discussed below.

According to the classical nucleation theory, the free energy ΔG for nucleation at prior austenite
grain boundaries is given by [31,32]

ΔG = ΔGchem + [ΔGstr + ΔGint] (1)

where ΔGchem is the molar chemical Gibbs energy difference between the parent and product phase,
ΔGstr is the summation of molar strain energy resulting from the volume misfit between ferrite and
austenite (i.e., transformation strain), and ΔGint is the molar interfacial energy for the new phase
formed. The latter two items are the resistance to phase transformation. If the transformation strain can
be accommodated by the plastic deformation of austenite, the required strain energy for the creation of
a new nucleus is much lower. The grain boundary nucleation thus occurs under the low transformation
driving force condition, as presented in CGHAZ. However, the plastic accommodation in fine austenite
grains is largely constrained by the Hall–Petch strengthening effect. As a result, it is always considered
to be the main factor to decrease the Bs and Ms temperatures [1,3,10,23], because a larger super-cooled
temperature is required to proceed to the phase transformation.

Very little strain energy seems to be required at the early stage of the bainite transformation
as the transformation strain is insignificant at this point [30]. Here, the change of interfacial energy
probably plays a vital role in decreasing Bs temperature as a result of carbon segregation at the grain
boundary. The heterogeneous nucleation attached to the grain boundary is mainly attributed to the
fact that the prior grain boundary energy decreases the interfacial energy of new-phase nucleation.
Song et al. [32] showed that the maximum reduction of interfacial energy can be achieved when the
embryo forms at the high-energy austenite grain boundary. However, the austenite grain boundary
energy will be reduced if the excess carbon atoms are segregated on them, leading to the fact that the
energy assisting the new-phase nucleation is lowered. Madariaga et al. [33] also considered that grain
boundary segregation has an influence on new-phase nucleation through the associated change of the
interfacial energy and, presumably, of the structure of the boundary itself. On the basis of the partially
transformed microstructure (Figure 8), the width of carbon enriched micro-zones at grain boundaries
is around 0.4 μm in FGHAZ. This means that the actual nucleation sites of ferritic laths are some
distance (maybe about 0.2 μm) away from the grain boundaries. The nucleation of ferritic laths might
not even take advantage of the prior austenite grain boundary energy. Therefore, it can be concluded
that compared with CGHAZ, a larger driving force of transformation is needed to offset the increase in
interfacial energy of nucleation for FGHAZ, which is embodied in the lower in Bs temperature.

5. Conclusions

The effect of austenite grain size on the bainite transformation, especially on the Bs temperature,
was investigated under the simulation welding thermal cycle condition. Through detailed
microstructural characterization and in situ observation of the early stage of phase transformation, the
main findings can be given below.

(1) The predominantly bainite microstructure can be obtained over a very wide range of cooling
rates for this studied steel. The hardness decreases rapidly and then gradually levels off with
the decrease in cooling rate and FGHAZ always results in a slightly higher hardness than the
CGHAZ at any given cooling rate.

(2) For a given cooling condition, FGHAZ always has a lower Bs temperature than CGHAZ, which
is proven by in situ LSCM observation and partial bainite transformation tests. The prior
austenite grain boundaries were always decorated by many long strip MA constituents in FGHAZ,
indicating that the carbon segregation occurred at the early stage of bainite transformation.
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Besides the Hall–Petch strengthening effect in FGHAZ, the increasing interfacial energy for the
grain boundary nucleation due to carbon enrichment is probably another factor that lowers the
Bs temperature.

(3) A large bainitic ferrite packet can be transformed only in fine austenite grains because the ferritic
laths grow in a “side-by-side” mode, although each of the laths may consist of several sub-units.
In contrast, the interlocked distribution of bainitic ferrite packets can frequently be found in
coarse austenite grains, which is attributed to the mechanism of sympathetic nucleation.
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Abstract: In this paper, the effects of the deformation temperature, the deformation reduction and
the deformation rate on the microstructural formation, ferritic and martensitic phase transformation,
stress–strain behaviors and micro-hardness in low-carbon ferritic stainless steel were investigated.
The increase in deformation temperature promotes the formation of the fine equiaxed dynamic
strain-induced transformation ferrite and suppresses the martensitic transformation. The higher
deformation temperature results in a lower starting temperature for martensitic transformation. The
increase in deformation can effectively promote the transformation of DSIT ferrite, and decrease the
martensitic transformation rate, which is caused by the work hardening effect on the metastable
austenite. The increase in the deformation rate leads to an increase in the ferrite fraction, because a high
density of dislocation remains that can provide sufficient nucleation sites for ferrite transformation.
The slow deformation rate results in dynamic recovery according to the stress–strain curve.

Keywords: ferritic stainless steel; plastic deformation; dynamic strain-induced transformation

1. Introduction

Ferritic stainless steels have been widely used in railway transportation equipment, mining
machinery, the auto industry and nuclear fission power plant components, because of their
remarkable corrosion resistance, outstanding strength and toughness, good weld ability and high cost
performance [1–5]. In particular, low-carbon 11–13% Cr ferritic stainless steels have lower material
cost than austenitic stainless steels and high Cr ferritic stainless steels, due to their lower contents of Cr
and Ni [6,7]. To maintain the ferritic phase at room temperature, the austenite-stabilization elements C,
N, and Ni are strictly controlled at a low level [8,9].

Severe plastic deformation is a practical route for the improvement of mechanical properties in
the ferritic stainless steels, since in their case it is difficult to realize the effect of phase transformation
strengthening [10]. It has been recognized that ultrafine grain structure can be obtained during
severe plastic deformation in ferritic stainless steels [11]. The increase in deformation temperature
accelerates the kinetics of ultrafine grain evolution significantly. During hot deformation, dynamic
recrystallization and dynamic recovery occur, while dynamically recovered and sub-microstructures
can be obtained during warm deformation [12]. The dynamic recrystallization may occur in the
coarse-grained structure during severe plastic deformation at ambient temperature [13]. However,
due to their restricted ferrite-forming elements, low-carbon ferritic stainless steels may enter the
austenite phase regions at high temperature. Thus, the effect of austenitic transformation and the
subsequent decomposing of austenite on severe plastic deformation in low-carbon ferritic stainless
steels should be considered, though it has been rarely reported until now.

Metals 2019, 9, 463; doi:10.3390/met9040463 www.mdpi.com/journal/metals19
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This project focuses on the high temperature plastic deformation in the austenite phase region
in a low-carbon ferritic stainless steel. The effects of the deformation temperature, the deformation
reduction and the deformation rate on the microstructural formation, ferritic and martensitic phase
transformation, stress–strain behaviors and micro-hardness in the low-carbon ferritic stainless steel
were studied.

2. Experimental Details

The chemical composition of the employed low-carbon ferritic stainless steel is given in Table 1.
The chemical compositions of the sample were obtained by inductively coupled plasma optical
emission spectrometry (ICP-OES). The original state of the samples was the as-rolled plate, whose
rolling parameters were that the rolling passes occurred six times, the total rolling reduction was
80%, and the finishing rolling temperature was about 600 ◦C. Due to this low finishing temperature
during rolling, the dynamic recrystallization process would be incomplete, and thus the as-rolled
microstructure remained at room temperature. The microstructure of the as-rolled sample is presented
in Figure 1, which shows the typical rolled morphology. The grains are elongated along the rolling
direction. Besides, the severe deformation would result in a high density of dislocation, although it
cannot be observed in the optical micrograph, due to the low resolution.

Table 1. Chemical compositions of the employed low-carbon ferritic stainless steel (wt. %).

C Cr Si Ni Mn Nb Ti Fe

0.01 11.54 0.2 0.57 1.12 0.09 0.12 Bal.

 

Figure 1. The original microstructure of the employed low-carbon ferritic stainless steel.

The deformation experiments were conducted on the Gleeble-3500 thermal simulated test machine
(DSI, New York, NY, USA). In this paper, the effect of the deformation temperature, the deformation
reduction (referring to the relative deformation in this project, the same as below) and the deformation
rate were investigated. The process procedures are illustrated in Figure 2 and Table 2. For the
deformation temperature experiments, the samples were heated to 1000 ◦C and held for 10 min, with a
heating rate of 100 ◦C/min, followed by cooling to the deformation temperatures (600, 700, 800 and
900 ◦C), and then deformed with the deformation reduction of 0.9 and the deformation rate of 0.1 s−1,
before being finally cooled to room temperature with a cooling rate of 100 ◦C/min. For the deformation
reduction experiments, the samples were also austenitized at 1000 ◦C for 10 min, followed by cooling
to 900 ◦C and deformation with the different reductions (0.2, 0.5 and 0.9), and then cooled to room
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temperature. For the deformation rate experiments, the samples were also deformed at 900 ◦C after
austenitization, with the different deformation rates (0.01, 0.1 and 1 s−1).

  

 

(a) (b) 

(c) 

Figure 2. Schematic illustration of the different process parameters: (a) the different deformation
temperatures, (b) the different deformation reductions, (c) the different deformation rates.

Table 2. The process parameters of the samples for the different conditions.

Experimental
Conditions

Deformation
Temperature/◦C

Deformation
Reduction

Deformation
Rate/s−1

For the different
deformation
temperatures

600, 700, 800, 900 0.9 0.1

For the different
deformation reductions 900 0.2, 0.5, 0.9 0.1

For the different
deformation rates 900 0.9 0.01, 0.1, 1

After the deformation experiments, the samples were mounted, polished, and etched in a solution
of hydrochloric acid (15 mL), ethanol (150 mL), and ferric chloride (5 g). The microstructures were
observed by the C-35A OLYMPUS Optical Microscope (Tokyo, Japan). The stress–strain curves and the
phase transformation points were captured by the accessory dilatometer of the Gleeble-3500 thermal
simulated equipment (DSI, New York, NY, USA). The Vickers micro-hardness tests were carried out
by the Duramin-A300 Vickers hardness tester (Struers, Ohio, OH, USA), with a load of 200 g and a
pressure time of 10 s.
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3. Results and Discussion

3.1. Effect of the Deformation Temperature

As mentioned above, the original sample is in an as-rolled state, so the isothermal treatment at high
temperature (annealing or normalizing) is necessary before deformation to remove the deformation
texture and the residual stress caused by rolling. Figure 3 shows the equilibrium phase diagram of
the employed low-carbon ferritic stainless steel calculated by JMatPro 7.0 software (Sente Software,
Guildford, UK). It is found that, in the temperature range from 854 to 1068 ◦C, the steel is in the
single-phase austenite region. Figure 4 gives the proof for the occurrence of austenitic transformation
during heating with a rate of 100 ◦C/min. It can be seen that the inflection points resulted from
austenitic transformation on the thermal expansion curve captured by Gleeble-3500. The Ac1 and Ac3

points can be determined as 837 and 991 ◦C. The transformation temperatures were determined from
the dilatometer curves using the tangent line method [14].

Figure 3. The equilibrium phase diagram of the employed low-carbon ferritic stainless steel calculated
by JMatPro software.

Figure 4. Thermal expansion curve of the low-carbon ferritic stainless steel sample during heating with
a rate of 100 ◦C/min.
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Figure 5 gives a continuous cooling transformation (CCT) diagram for the explored low-carbon
ferritic stainless steel in this work, calculated by JMatPro software. It is found from Figure 5 that
martensitic transformation occurs under the cooling rate between 3 ◦C/min (0.05 ◦C/s) and 6000 ◦C/min
(100 ◦C/s). When the cooling rate is higher than 18 ◦C/min (0.3 ◦C/s), the ferritic transformation would
not happen, and the austenite would be decomposed to martensite completely. According to the
experimental CCT diagram for 3Cr12 steel [15], a typical low-carbon 12% Cr ferritic stainless steel,
martensitic transformation still occurs when the cooling rate is as low as 0.084 ◦C/min. Figure 6
presents the microstructure of the low-carbon ferritic stainless steel sample after austenitization, whose
treatment parameter is heating to 1000 ◦C with a heating rate of 100 ◦C/min, holding for 10 min,
and cooling to room temperature with a cooling rate of 100 ◦C/min. Due to the moderate cooling rate
after austenitization (air cooling), the bainitic and pearlite transformation would be avoided, and only
martensite would form during cooling. As a result, it can be confirmed that the microstructure of the
sample is composed of martensite (denoted as “M” in Figure 6), and δ-ferrite distributed along the
prior austenitic boundaries (denoted as “F” in Figure 6).

 

Figure 5. Continuous cooling transformation (CCT) diagram of the explored low-carbon ferritic
stainless steel in this work calculated by JMatPro software.

  

Figure 6. Microstructure of the low-carbon ferritic stainless steel sample after austenitization: (a) optical
micrograph, (b) SEM micrograph.

A schematic illustration of the different deformation temperatures is given in Figure 2a. The
deformation temperatures are 600, 700, 800 and 900 ◦C, respectively. Figure 7 presents the optical

23



Metals 2019, 9, 463

micrographs of the low-carbon ferritic stainless steel samples deformed at the different temperatures.
It is found that the microstructures of all samples are composed of ferrite and lath martensite. The
sample with the deformation temperature of 600 ◦C shows the typical rolled microstructure, with the
elongated grain morphology. This suggests that the deformation temperature of 600 ◦C is too low
to cause dynamic recrystallization. On the other hand, the deformation texture with the elongated
grain is not found in the microstructures of the samples deformed at 700, 800 and 900 ◦C, which are
composed of the martensitic laths, and the fine equiaxed ferrite grain (with the diameter of about 5 μm)
distributed among the martensitic laths. With the increase in deformation temperature, the amount
of the fine equiaxed ferrite is increased, which results in the microstructures appearing finer in the
samples deformed at the higher temperature.

Figure 7. Optical micrographs of the low-carbon ferritic stainless steel samples deformed at the different
temperatures: (a) 700 ◦C, (b) 800 ◦C, (c) 900 ◦C, (d) 1000 ◦C.

As discussed above, austenitic transformation occurs when heating up to 837 ◦C (namely Ac1),
and austinite transforms to lath martensite when the cooling rate is higher than 18 ◦C/min. Hence,
it is recognized that the meta-stable austenite remains intact before deformation. During or after
deformation, the austenite would be transformed to lath martensite or ferrite. Furthermore, it also
found that the higher deformation temperature is favorable to the formation of fine equiaxed ferrite,
while the lower deformation temperature promotes the formation of lath martensite. Generally
speaking, a high temperature would result in a coarse grain [16]. However, this phenomenon was not
observed in this project. This may be due to the dynamic transformation and recrystallization of ferrite
during the high temperature deformation.

Figure 8 shows the phase transformation temperatures, determined by Gleeble-3500, for the
low-carbon ferritic stainless steel samples deformed at the different temperatures. It can be confirmed
as martensitic transformation, in consideration of the low transformation temperature. With the
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increase in deformation temperature, the starting temperature for martensite transformation, Ms,
is decreased, while the martensitic transformation finishing point remains almost unchanged, regardless
of the deformation temperature. Besides, the Ms of the samples after deformation is higher than
that of the samples without deformation (determined as 528 ◦C). This is because a large number of
dislocations and other defects form during the deformation process, which provides more nucleation
sites for martensitic transformation, and thus promotes martensitic transformation [17]. The higher the
deformation temperature is, the more favorable the dynamic recovery of defects is. Hence, the number
density of the defects is decreased accordingly, which results in a lower Ms in the sample with the
higher deformation temperature.

Figure 8. Phase transformation temperatures for the low-carbon ferritic stainless steel samples deformed
at the different temperatures.

The formation of fine equiaxed ferrite was not detected in the thermal expansion curve determined
by Gleeble-3500. This implies that ferritic transformation is likely to occur during the deformation
process, rather than during continuous cooling after deformation. In general, this dynamic formation of
fine ferrite during deformation is considered to be a dynamic strain-induced transformation (DSIT) [18].
When deformation is in the meta-stable austenite phase region, the dynamic strain-induced ferrite
nucleates at the defects [19]. The movement of austenite-ferrite phase boundaries is hindered, due to the
enhanced strength of the matrix caused by strain hardening, accompanied by dynamic recrystallization
of ferrite grains. As a result, the DSIT ferrite grain size is very small.

The stress–strain curves of the samples with the different deformation temperatures are presented
in Figure 9. A decrease in deformation temperature leads to an increase in loading stress for reaching
the same strain amount, since the yield strength of the steel is decreased by the increase in temperature.
The stress–strain curves of the samples with the deformation temperatures of 600, 700 and 800 ◦C are
monotonically increased, showing the typical characteristic of work hardening. On the other hand,
in the sample deformed at 900 ◦C, when the strain is more than 0.3, the stress–strain curve is horizontal,
representing the dynamic softening process [20]. Firstly, during deformation at high temperature,
dynamic recovery and recrystallization occurs, offsetting the work hardening effect resulting from
dislocation multiplication [21,22]. Secondly, according to the microstructural observation, the higher
deformation temperature promotes the DSIT ferrite formation, accompanied by the movement and
annihilation of dislocation, which also results in the loss of work hardening effect [19].

Figure 10 shows the values for Vickers hardness of the samples deformed at the different
temperatures. It can be seen that the results of the hardness tests agree with the stress–strain curves.
With the increase in deformation temperature, the hardness is decreased. This is mainly due to the fact
that the rate of dynamic recovery and recrystallization will be faster when the sample is deformed
at the higher temperature, which offsets the effect of work hardening. The difference in the phase
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ratio of martensite to ferrite may also affect the hardness results. The size of the DSIT ferrite is
higher up to about 5 μm in this project, so the hardness of ferrite would be lower than that of lath
martensite [23]. As mentioned above, the lower deformation temperature is more favorable to the
formation of martensite, leading to the relatively high hardness. Besides, the residual stress remains at
the lower deformation temperature, which may also lead to an increase in hardness.

Figure 9. The true stress–strain curves for the low-carbon ferritic stainless steel samples deformed at
the different temperatures.

Figure 10. Vickers hardness of the low-carbon ferritic stainless steel samples deformed at the
different temperatures.

3.2. Effect of Deformation Reduction

It can be recognized that the stress–strain curve for the sample deformed at 900 ◦C shows the
feature of dynamic softening. Hence, the effect of deformation reduction was carried out at this
temperature. A schematic illustration of the different deformation reductions is given in Figure 2b.
Figure 11 presents the optical micrographs of the low-carbon ferritic stainless steel samples with the
different deformation reductions. With the increase in deformation reduction, the fine equiaxed DSIT
ferrite fraction is also increased. Obviously, a larger deformation reduction gives rise to more defects,
and thus provides more nucleation sites for DSIT ferrite transformation.
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Figure 11. Optical micrographs of the low-carbon ferritic stainless steel samples with the different
deformation reductions: (a) 0.2, (b) 0.5, (c) 0.9.

According to the stress–strain curve for the sample with the deformation reduction of 0.9
(Figure 12), before the deformation reduction reaches 0.2, the stress–strain curve belongs to the typical
work hardening stage. In this stage, dislocation multiplication occurs with the increase in deformation.
When the deformation reduction is between 0.2 and 0.5, the stress–strain curve steps into the stage of
dynamic softening, including the dynamic recovery of dislocation and formation of DSIT ferrite. After
the deformation reduction reaches 0.5, annihilation of dislocation and recrystallization of ferrite are
dominant, resulting in the horizontal stress–strain curve.

Figure 13 presents the martensitic starting and finishing temperatures for the samples with the
different deformation reductions. It is found that the Ms points are not significantly affected by
the deformation reduction, but only slightly increased. Due to the high deformation temperature,
the occurrence of recovery during cooling after deformation decreases the defect density, resulting in
the decrease in nucleation sites for martensitic transformation accordingly. However, the Mf points
are brought down by the increase in deformation reduction. This may be due to the fact that the
movement of austenite/martensite phase boundaries is hindered during martensitic transformation.
The martensitic transformation mechanism belongs to the non-diffusion type, with the shear-controlled
phase transformation characteristics [24]. The yield strength of the parent phase (namely austenite) is
improved by the increase in deformation reduction, impeding the migration of the martensite/austenite
interface. Thus, the rate of martensitic transformation is decreased, reflected as the decrease in
Mf points.
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Figure 12. The true stress–strain curves for the low-carbon ferritic stainless steel samples with a
deformation reduction of 0.9.

Figure 13. Phase transformation temperatures for the low-carbon ferritic stainless steel samples with
the different deformation reductions.

Figure 14 shows the Vickers hardness of the samples with the different deformation reductions.
The hardness values do not change greatly, though their general trend is to firstly increase and then
decrease with the increase in deformation reduction. On the one hand, as discussed above, the hardness
of lath martensite may be higher than that of ferrite. Therefore, with the increase in deformation
reduction, the martensite fraction decreases, resulting in the decrease in hardness value. On the other
hand, the increase in deformation increases the defect density, leading to the increase in strength
and hardness. The combined effects of these two aspects result in a hardness value that does not
monotonously increase or decrease with the increase in deformation reduction.

3.3. Effect of the Deformation Rate

A schematic illustration of the different deformation rates is given in Figure 2c. Figure 15
presents the optical micrographs of the samples with the different strain rates. It can be seen that
the microstructures of all samples are composed of martensitic laths and fine ferrite grains. The
increase in the strain rate leads to the increase in the phase fraction of ferrite and the decrease in lath
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martensite fraction. There is not enough time for the recovery of dislocations and other defects at the
high deformation rate, which provides more nucleation positions for DSIT ferrite and thus greatly
promotes the ferrite transformation.

Figure 14. Vickers hardness of the low-carbon ferritic stainless steel samples with the different
deformation reductions.

Figure 15. Optical micrographs of the low-carbon ferritic stainless steel samples with the different
strain rates: (a) 0.01 s−1, (b) 0.1 s−1, (c) 1 s−1.

29



Metals 2019, 9, 463

The stress–strain curves for the different strain rates are shown in Figure 16. The stress–strain
curve shows a more obvious softening with the decrease in the strain rate. The stress–strain curve
of the sample undergoing the highest deformation rate (1 s−1) reflects the typical work hardening
characteristics. When the strain rate is the slowest (0.01 s−1), the phase fraction of ferrite is the lowest.
Thus, it is considered that the main origin of the softening phenomenon would be the dynamic recovery
of dislocations, and the dynamic recrystallization of a small amount of ferrite grains.

Figure 16. The true stress–strain curves for the low-carbon ferritic stainless steel samples with the
different strain rates.

According to [25], the critical stress for recrystallization, σc, can be determined in the curves for
the work-hardening rate, θ, versus flow stress, σ, where θ is expressed as dσ/dε. As seen in Figure 17,
the value for σc is associated with the point at which the second derivative of the work-hardening rate
θ with respect to stress, i.e., d2θ/dσ2, is zero. The simplest equation for fitting the θ-σ curve can be
given by [26]:

θ = Aσ3 + Bσ2 + Cσ+ D (1)

where A, B, C and D are constants depending on the deformation parameters. Obviously, differentiation
of the above equation with respect to σ is expressed as:

dθ
dσ

= 3Aσ2 + 2Bσ+ C (2)

Thus, it can be derived that
d2θ

dσ2 = 6Aσ+ 2B (3)

When d2θ/dσ2 = 0, σc can be obtained by

σc = − B
3A

(4)

For the sample deformed at 900 ◦C, with a deformation rate of 0.01 s−1 the fitted polynomial is
θ = −0.01122σ3 + 3.83996σ2 − 443.62646σ+ 17452.03963D (see Figure 1 below). Hence, the critical
stress for recrystallization, σc, is calculated as 114.08 MPa. However, σc for all other samples is higher
than the loading stresses. It should be noted that the sample in Figure 1 undergoes the highest
deformation temperature and the slowest deformation rate. As the deformation temperature or the
deformation rate is decreased, the dynamic recrystallization is blocked.

The martensitic starting and finishing temperatures for the samples with the different deformation
rates are presented in Figure 18. It is found that an increase in the strain rate results in an increase in
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Ms. Under the condition of high strain rate, the high density of dislocation remains and provides more
nucleation sites for the subsequent martensitic transformation, reflected as the increase in martensitic
starting transformation temperature. Furthermore, the higher deformation rate results in a higher
yield strength of the metastable austenite, which would hinder the movement of austenite/martensite
boundaries during martensite. Hence, the increase in the deformation rate results in the decrease in
the martensitic transformation rate, and thus the decrease in Mf.

Figure 17. The experimental (black solid line) and fitted (red dashed line) θ–σ curves for the sample
deformed at 900 ◦C, with a deformation rate of 0.01 s−1.

Figure 18. Phase transformation temperatures for the low-carbon ferritic stainless steel samples with
the different strain rates.

Figure 19 shows the Vickers hardness of the samples with the different strain rates. With the
increase in the strain rate, the hardness increases monotonically. This is attributed to the fact that the
microstructure has sufficient time for recovery and recrystallization under the condition of slow strain
rate, which leads to the reduction of hardness.
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Figure 19. Vickers hardness of the low-carbon ferritic stainless steel samples with the different
strain rates.

4. Conclusions

In this paper, the effects of the deformation temperature, the deformation reduction and the
deformation rate on the microstructures, phase transformation behaviors, stress–strain curves and
mechanical properties were investigated. The main conclusions are as follows:

(1) The increase in deformation temperature promotes the formation of the fine equiaxed DSIT
ferrite and suppresses the martensitic transformation. The higher deformation temperature results in a
lower starting temperature for martensitic transformation. When the deformation temperature reaches
900 ◦C, the stress–strain curve shows an obvious softening phenomenon, and the hardness decreases
to minimum.

(2) The increase in deformation can effectively promote the transformation of DSIT ferrite,
and decrease the martensitic transformation rate, which is caused by the work hardening effect on the
metastable austenite.

(3) The increase in the deformation rate leads to an increase in the ferrite fraction, because a high
density of dislocation remains that can provide sufficient nucleation sites for ferrite transformation.
The slow deformation rate results in dynamic recovery according to the stress–strain curve.
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Abstract: Heavy gauge line pipe and structural steel plate materials are often rolled in the two-phase
region for strength reasons. However, strength and toughness show opposite trends, and the
exact effect of each rolling process parameter remains unclear. Even though intercritical rolling
has been widely studied, the specific mechanisms that act when different microalloying elements
are added remain unclear. To investigate this further, laboratory thermomechanical simulations
reproducing intercritical rolling conditions were performed in plain low carbon and NbV-microalloyed
steels. Based on a previously developed procedure using electron backscattered diffraction (EBSD),
the discretization between intercritically deformed ferrite and new ferrite grains formed after
deformation was extended to microalloyed steels. The austenite conditioning before intercritical
deformation in the Nb-bearing steel affects the balance of final precipitates by modifying the size
distributions and origin of the Nb (C, N). This fact could modify the substructure in the intercritically
deformed grains. A simple transformation model is proposed to predict average grain sizes under
intercritical deformation conditions.

Keywords: intercritical rolling; microalloying; microstructure; EBSD

1. Introduction

Intercritical rolling is extensively employed in the production of heavy gauge structural plates,
with the aim of meeting the increasing material demands of a variety of structural applications. Rolling
in the austenite/ferrite two-phase region has already been explored for plain carbon steels [1]. However,
the effect of intercritical rolling for microalloyed steels is less investigated [2]. Therefore, a deeper
understanding of the microstructural evolution under intercritical conditions and the influence of
different austenite–ferrite balances at high temperature is required for microalloyed steels in order
to define stable processing windows. It is well established that the addition of Nb as an alloying
element can retard or inhibit the recrystallization of austenite and ferrite due to two mechanisms:
the solute drag effect related to Nb in solid solution and the pinning effect caused by strain-induced
precipitation [3].

In intercritical rolling, several microstructural mechanisms could be activated, such as restoration
and recrystallization. The recovery and recrystallization phenomena occurring during deformation
in the two-phase region has been extensively analyzed for CMn steels [4,5]. It is well known that the
restoration process taking place during or after the intercritical deformation could be affected by the
available niobium during austenite to ferrite transformation. However, the interaction between Nb
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in solution and softening kinetics is less explored in the intercritical region [2,6]. Therefore, a deeper
understanding is needed regarding this issue.

In a recently published work [7], the microstructural evolution during intercritical deformation
was explored for low carbon steels, and a methodology capable of differentiating different ferrite
populations (intercritically deformed and non-deformed ferrite formed during the final cooling)
using EBSD was developed. This methodology will provide a better understanding of the exact
effect of the rolling process parameters on each ferrite population. For this purpose, intercritical
deformation simulations were carried out via dilatometry tests using CMn steels with different C
content, and an exhaustive EBSD characterization procedure was developed to classify and quantify
the different phases obtained after air cooling [7]. The procedure can be summarized in two steps. First,
pearlite has to be removed from the calculations, and to that end, the grain average image quality (IQ)
parameter is used [7,8]. Taking into account that pearlite is of a lower quality than ferrite, the lowest
IQ value points are removed. The removed fraction from EBSD scans are close to the pearlite contents
measured by optical microscopy. Then, using the grain orientation spread (GOS) parameter, which is
the average deviation between the orientation of each point in the grain and the average orientation of
the grain, the remaining ferrite grains are separated in two populations: DF (deformed ferrite) and NDF
(non-deformed ferrite). This differentiation will allow for a better understanding of the effect of the
different parameters and processes, such as restoration, precipitation etc., that occur during intercritical
deformation for each NDF and DF family. It is assumed that during deformation, a distortion in the
crystal lattice is introduced, leading to higher GOS parameter values [7,9]. Therefore, the GOS parameter
distribution is strongly affected by the ferrite content prior to intercritical deformation. In the recently
published work, a GOS value of 2◦ was set to differentiate NDF from DF, yielding reasonable results.
This procedure was developed for polygonal ferritic microstructures transformed from fine austenitic
structures. However, in the current work, slightly different intercritically deformed microstructures
were formed due to the addition of microalloying elements. Depending on the austenite condition
and chemical composition, different ferrite morphology could be achieved. Coarser austenite grains,
as well as addition of microalloying elements, promote the delaying of phase transformation, leading
to the formation of more non-polygonal transformation products [10,11]. In this study, given that
more bainitic phases, such as quasi-polygonal ferrite, are observed, differentiating non-deformed
and deformed ferrite grains becomes more complex. Therefore, the threshold able to distinguish
non-deformed ferrite from deformed ferrite (previously shown in [7]) has to be redesigned.

The current work shows the complex interaction between austenite–ferrite content prior to
deformation, microalloying elements, austenite condition (recrystallized and deformed austenite)
and microstructural evolution during intercritical rolling. To that end, intercritical deformation
simulations were performed in a deformation dilatometer for CMn and NbV-microalloyed steels.
In addition to obtaining microstructural characterization by means of conventional characterization
techniques (optical and electron microscopy), a precipitation analysis was also performed for the
NbV-microalloyed steel.

2. Materials and Methods

The chemical compositions of the steels are listed in Table 1. The materials were laboratory cast
and hot-rolled to 16 mm-thick plates/slabs.

Table 1. Chemical composition of the studied steels (weight percent).

Steels C Mn Si Cr V Ti Al Nb N

CMn 0.063 1.53 0.25 0.012 0.005 0.002 0.035 0.002 0.003
NbV 0.062 1.52 0.25 0.012 0.034 0.002 0.038 0.056 0.004

Uniaxial compression tests, depicted schematically in Figure 1, were performed using a Bähr
DIL805D deformation dilatometer (BÄHR Thermoanalyse GmbH, Hüllhorst, Germany). Solid cylinders
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of 5 mm in diameter and 10 mm in length were used. Two different thermomechanical schedules were
defined with the purpose of obtaining different austenite conditions (recrystallized and deformed
austenite, in Cycle A and Cycle B, respectively) prior to transformation. As shown in Figure 1,
both schedules include a solubilization treatment at 1250 ◦C for 15 min to ensure the total dissolution
of Nb and V precipitates. Afterwards, a multipass deformation sequence was designed. Both cycles
include a deformation of 0.4 at 1050 ◦C, in order to ensure a fine recrystallized austenite. In Cycle B,
a second deformation pass is applied at 900 ◦C, below the non-recrystallized temperature, in order to
obtain a deformed austenite prior to transformation. Cycle A was applied to the CMn steel, whereas
both schedules were applied to the NbV microalloyed steel. The samples were cooled down slowly
(1 ◦C/s) to three different deformation temperatures (Tdef25, Tdef50, and Tdef75), in order to obtain
three ferrite fractions (25%, 50%, and 75%) before the intercritical deformation. Finally, a deformation
of 0.4 was applied in the intercritical region. After that, the specimens were cooled down to room
temperature (1 ◦C/s) in both steels.

 

(a) 

 

(b) 

Figure 1. Thermomechanical schedule performed in the dilatometer: (a) CMn steel and NbV-microalloyed
steel; (b) NbV-microalloyed steel only.

The deformation temperatures for achieving the predefined 25%, 50%, and 75% ferrite fractions
were determined based on the dilatometry curves. The lever rule was considered in defining the
evolution of transformed ferrite fraction and proportionality between transformed fraction and
measured sample length change was assumed. The lever rule is based on extrapolating the linear
expansion behavior from the temperature regions where no transformation occurs and subsequently
assuming proportionality between the fraction of decomposed austenite and the observed length
change [12]. The ferrite fractions prior to deformation were measured in each deformation temperature
by systematic manual point count [13].

The dilatometry samples for the corresponding microstructural characterization were prepared
according to the following procedure. First, the selected samples were cut along their longitudinal
axis, at the region corresponding to a maximum area fraction of nominal strain and reduced strain
gradient [14]. After that, the samples were mechanically grounded with SiC abrasive papers and
polished with different diamond paste grades (6, 3, and 1 μm) to get mirror surfaces. Finally,
the samples were etched with a 2% Nital solution. The microstructures were analyzed using different
characterization techniques like optical microscopy (OM, LEICA DMI5000 M, Leica Microsystems,
Wetzlar, Germany) and field-emission gun scanning electron microscopy (FEG-SEM, JEOL JSM-7000F,
JEOL Ltd., Tokyo, Japan).

In order to evaluate the crystallographic features of the dilatometry tests in more detail, EBSD
scans were performed for all cases. For that purpose, samples were polished with a colloidal silica
suspension. Orientation imaging microscopy was performed on the Philips XL 30CP SEM with
W-filament using TSL (TexSEM Laboratories, UT, USA) equipment. The total scanned area of the
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EBSD mappings was 350 × 350 μm2, using a step size of 0.5 μm and an accelerating voltage of 20 kV.
The scans were analyzed using TSL OIMTM Analysis 5.31 software (EDAX, Mahwah, NJ, USA). During
the post-processing, a clean-up procedure was applied to the raw data obtained from the scans to
assimilate any non-indexed points into the surrounding neighborhood grains. A single iteration dilation
clean-up routine with a tolerance angle of 5◦ and a minimum size of 3 pixels was defined. In addition,
the neighbor CI correlation procedure was taken into account, defining 0.1 as the minimum accepted
value. If there was any point with a CI value lower than 0.1, the orientation and CI of the particular
point were reassigned to match the orientation and CI of the neighbor with the maximum CI.

The size and morphology of the precipitates were studied by TEM on a scanning transmission
electron microscope JEOL JEM 2100 (TEM, JEOL 2100, JEOL Ltd., Tokyo, Japan) operated at 200 kV.
Carbon extraction replicas were obtained from dilatometry samples. Copper grids were employed to
support the carbon replicas.

3. Results and Discussion

3.1. Definition of Deformation Temperatures

In Figure 2a, the dilation curves obtained during air cooling are plotted for both steels and
austenite conditions, represented as ΔL/L0 as a function of temperature. Figure 2b illustrates the
evolution of the transformed ferrite fraction for CMn, NbV-recrystallized austenite, and NbV-deformed
austenite (these curves are obtained from the dilatometry curves shown in Figure 2a). In Figure 2b,
the desired fractions of ferrite (25%, 50%, and 75%) are also drawn. As Figure 2 shows, depending
on the chemical composition, the transformation temperature varies. Given the aim of generating
different ferrite contents of approximately 25%, 50%, and 75%, deformation temperatures of 750, 740,
and 730 ◦C were selected for the CMn steel. Meanwhile, for the NbV steel, the formation of different
fractions of ferrite were achieved at deformation temperatures of 750, 730, and 720 ◦C in Cycle A and
770, 750, and 740 ◦C in Cycle B (Tdef25, Tdef50, and Tdef75, respectively).

 

(a) 
(b) 

Figure 2. (a) Dilation curves and (b) evolution of transformed fraction in both steels and both austenite
conditions for the NbV steel.

Using the deformation temperatures predicted in the dilatometry study as a reference, several
interrupted quenching tests were performed to check that the ferrite content formed at those
temperatures agreed with the objective ferrite fractions. Figure 3 shows the quenched microstructures
obtained before different intercritical deformation temperatures for CMn steel (no deformation is
applied in the austenite–ferrite domain). In Figure 4, the microstructures corresponding to NbV
quenched specimens before intercritical deformation are shown for both austenite conditions and the
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entire range of deformation temperatures. The microstructures shown in Figures 3 and 4 illustrate
the variation of the ferrite-martensite balance caused by the modification of deformation temperature,
where more ferrite is formed as the temperature decreases. Together with the microstructure, the
measured ferrite fraction is also noted in all cases. All these data are summarized in Table 2.

 
(a) Tdef25 750 °C 

 
(b) Tdef50 740 °C 

 

 
(c) Tdef75 730 °C 

Figure 3. Optical micrographs obtained after a quenching at different deformation temperatures and
CMn steel (before intercritical deformation): (a) Tdef25, (b) Tdef50, and (c) Tdef75.
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Figure 4. Cont.
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Figure 4. Optical micrographs obtained after a quenching at different deformation temperatures
(before intercritical deformation) and both austenite conditions for NbV-microalloyed steel
(recrystallized and deformed): (a,d) Tdef25, (b,e) Tdef50, and (c,f) Tdef75.

Table 2. Measured ferrite fraction in each deformation temperature, both chemical compositions, and
austenite conditions after quenching.

Steel and Austenite
Condition

25% Ferrite 50% Ferrite 75% Ferrite

Tdef25
(◦C)

Measured
fα

Tdef50
(◦C)

Measured
fα

Tdef75
(◦C)

Measured
fα

NbV
Cycle A

recrystallized γ
750 26% 730 49% 720 76%

Cycle B
deformed γ

770 31% 750 61% 740 79%

CMn Cycle A
recrystallized γ

750 24.3% 740 53.3% 730 73.1%

For NbV steel (see Figure 4), a microstructural refinement (finer ferrite grains) is observed when
the transformation occurs from deformed austenite (Cycle B). This refinement is related to the increase
in the density of nucleation sites introduced by deformation in the austenite [11]. The ferrite fractions
prior to deformation were measured in each deformation temperature and the results are presented in
Table 2. As shown in Table 2, the measured ferrite fractions are very close to the objective ones.

3.2. Microstructures at Room Temperature after Intercritical Deformation

In Figure 5, optical micrographs corresponding to room temperature after intercritical deformation
for both steels (CMn and NbV) and both austenite conditions (recrystallized in Cycle A and deformed
austenite in Cycle B) are presented. Combinations of non-deformed ferrite (NDF) and deformed ferrite
(DF) are clearly distinguished in all the cases. Moreover, the formation of pearlite is observed in the
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resulting microstructures. Pearlite fractions of 13.7%, 6.1%, and 6.2% have also been measured for
CMn, NbV recrystallized austenite, and NbV deformed austenite Tdef25 samples, respectively. In both
chemical compositions (see Figure 5), the fraction of deformed ferrite increases as the deformation
temperature decreases, due to a higher amount of ferrite formed prior to the intercritical deformation.
This deformed ferrite is characterized by a significant presence of substructure (see Figure 5c), reflecting
the fact that ferrite is restored after deformation in the intercritical region [6]. In addition, the morphology
of non-deformed ferrite changes from a polygonal ferrite (see Figure 5d) to a quasi-polygonal ferrite
(non-equiaxed) as deformation temperature decreases (see Figure 5f).
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CMn (Recrystallized γ) 

 
(a) Tdef25 750 °C 

NbV (Recrystallized γ) 

 
(d) Tdef25 750 °C 

NbV (Deformed γ) 
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Figure 5. Optical micrographs obtained after air cooling at different deformation temperatures
((a,d,g) Tdef25, (b,e,h) Tdef50, and (c,f,i) Tdef75) and different conditions: (a,b,c) CMn recrystallized
austenite, (d,e,f) NbV recrystallized austenite, and (g,h,i) NbV deformed austenite.

With the aim of evaluating the effect of deformation temperature and ferrite fraction before
deformation on the final microstructure more precisely, the microstructural analysis was extended via
EBSD. The EBSD technique was used to analyze the microstructural features of the samples deformed
in the intercritical region, which cannot be correctly quantified by any other standard microstructural
characterization techniques such as optical microscopy and/or FEG-SEM. In Figure 6, the grain
boundary maps related to the NbV recrystallized austenite and CMn steels can be compared for Tdef25
(a,c) and Tdef75 (b,d). The boundaries between 2◦ < ϑ < 15◦ are considered the low angle boundary,
while those with ϑ > 15◦ are assumed to be high angle boundaries [14]. In Figure 6, the low and
high angle boundaries are drawn in red and black, respectively. With regard to the effect of chemical
composition, it is observed that the addition of Nb and V promotes a more intense substructure within
the non-deformed ferrite grains (higher fraction of low angle boundaries drawn in red) within the
ferrite grains, mainly in the highest ferrite content (see Figure 6b,d). This could be related to the effect of
microalloying elements (mainly Nb) on the delaying of transformation start temperatures. It is known
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that the addition of Nb retards the austenite to ferrite transformation [15,16], which implies that ferrite
will be formed at lower transformation temperatures, leading to the formation of more bainitic phases.
Quasipolygonal ferrite grains are characterized by irregular grain boundaries and often show etching
evidence of substructure [17].
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Figure 6. Grain boundary maps (low and high angle boundaries, in red and black color, respectively)
corresponding to (a,b) NbV recrystallized austenite and (c,d) CMn. Different ferrite levels prior to
deformation have been included: (a,c) Tdef25 and (b,d) Tdef75.

In addition, the EBSD maps shown in Figure 6 suggest that depending on the deformation
temperature and, consequently, the fraction of ferrite prior to intercritical deformation, completely
different microstructures are formed. When the microstructure contains a low fraction of ferrite prior
to intercritical deformation, the presence of relatively polygonal ferrite grains is clearly observed
(see Figure 6a,c). As the deformation temperature decreases, more elongated and coarser grains can be
observed. As mentioned before, the applied deformation promotes the modification of the formed
ferrite, reflected in the presence of a higher substructure. Figure 6 shows that the deformed ferrite
is characterized by a significant presence of substructure, reflected in a higher fraction of low angle
boundaries drawn in red. This could be clearly observed for both chemical compositions. In both
steels, for Tdef75 condition, a lower deformation temperature than in Tdef25 is applied, leading to the
formation of a more intense substructure as the deformation temperature decreases.
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The differences between different ferrite morphologies can be appreciated more properly in
the FEG-SEM micrographs shown in Figure 7, which presents the micrographs corresponding to
the NbV steel and the lowest deformation temperatures (Tdef75). Figure 7a corresponds to the
microstructure obtained after transformation from recrystallized austenite (Cycle A) and intercritically
deformed at 720 ◦C, whereas in Figure 7b, the micrograph is related to the sample transformed from
deformed austenite (Cycle B) with an intercritical deformation at 740 ◦C. The addition of microalloying
elements, especially Nb, promotes the formation of more bainitic phases and reduces the presence
of polygonal phases, leading to non-equiaxed grains being predominant in the microstructure [12].
This quasi-polygonal ferrite is observed in both austenite conditions of the NbV-microalloyed steel.
However, the differences between the microstructures formed from recrystallized austenite and
deformed austenite are clear. Furthermore, when the transformation occurs from recrystallized
austenite (Figure 7a), deformation bands are identified inside the deformed ferrite grains, reflecting
a lack of ferrite restoration. The addition of Nb delays or suppresses the restoration of ferrite when the
transformation occurs from Cycle A (recrystallized austenite). The drag effect at low temperatures
(ranging between 740 ◦C and 720 ◦C), delays and suppresses the restoration of ferrite during intercritical
deformation [2,3]. However, in the sample transformed from deformed austenite (Figure 7b), there is
a substructure composed of subgrains, which is associated with the activation of restoration during
the deformation pass [13]. The deformation of austenite below the non-recrystallization temperature
(Tnr) promotes strain-induced precipitates which are effective for austenite pancaking but reduce the
Nb available during and after transformation to interact with ferrite restoration or recrystallization
phenomena [3].

(a) 
 

(b) 

(c) 
 

(d) 

μmμm

Figure 7. (a,b) FEG-SEM micrographs and (c,d) inverse pole figure (IPF) + image quality (IQ) maps
corresponding to the NbV and Tdef75: (a,c) Cycle A (transformation from recrystallized austenite)
and intercritical deformation temperature of 720 ◦C and (b,d) Cycle B (transformation from deformed
austenite) and deformation temperature of 740 ◦C.
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In Figure 7c,d, inverse pole figures (IPFs) and image quality maps are superimposed, as are
high and low angle boundaries (coarse and fine black lines, respectively). As mentioned previously,
a completely different substructure is observed inside the deformed ferrite grains for each austenite
condition (see the low angle boundaries drawn in the IPF maps). When the ferrite comes from
a deformed austenite, well-defined subgrains are observed in the deformed ferrite (see Figure 7d).
By contrast, when the transformation occurs from a recrystallized austenite, the deformed ferrite
presents microbands (see Figure 7c). The addition of Nb delays or suppresses the restoration of
ferrite when transformation takes place from a recrystallized austenite, promoting the formation of
microbands. In the sample transformed from deformed austenite, a clear substructure associated with
the activation of restoration during the deformation pass is noticed [2–5,13].

3.3. Effect of Austenite Conditioning and Addition of Microalloying Elements

As shown in Figure 5, the microstructures generated after intercritical deformation are composed
of different balances of NDF and DF, with some pearlite (P) islands dispersed in the ferritic matrix.
In order to analyze the microstructural features of the deformed (DF) and non-deformed ferrite (NDF)
populations separately, a recently developed discretization methodology was employed [7].

In the microstructures shown above, three different ferrite populations are identified: polygonal
ferrite (PF), quasi-polygonal ferrite (QF), and deformed ferrite. GOS distributions were analyzed in
each case, defining a grain tolerance angle of 5◦ and a minimum grain size of 0.91 μm. For each GOS
distribution, a threshold GOS value was defined for differentiating deformed and non-deformed ferrite
grains and optimum GOS values were defined for obtaining the desired ferrite fraction (25%, 50%,
and 75%). From this analysis, a common value of 4◦ was estimated as the average of all the threshold
angles defined in each scan. This threshold GOS value was able to distinguish both non-deformed
and deformed ferrite in the final microstructure for both compositions, the ferrite content before
deformation, and austenite condition (recrystallized and deformed ferrite). In this case, the ferrite
population with GOS values lower than 4◦ is considered non-deformed ferrite, where PF and QF are
included. GOS values higher than 4◦ correspond to deformed ferrite grains. As an example, in Figure 8,
the grain boundary maps corresponding to both non-deformed (polygonal and quasi-polygonal ferrite
in Figure 8a) and deformed ferrite families (in Figure 8b) are shown. The differentiation of both ferrite
populations is shown for CMn steel and a deformation temperature of 740 ◦C (Tdef50).

C
M

n 
C

yc
le

 A
 (r

ec
ry

st
al

liz
ed

 γ
) 

NDF  

 
(a) 

DF 

 
(b) 

Figure 8. Grain boundary maps (low and high angle boundaries, in red and black color, respectively)
corresponding to Tdef50 and CMn steel: (a) non-deformed ferrite (NDF) and (b) deformed ferrite
(DF) family.
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Based on the discretization methodology described above, high angle misorientation unit sizes
for each ferrite type were quantified, considering the 15◦ misorientation criterion (D15◦ ). The effective
grain size was calculated as the equivalent circle diameter corresponding to the individual grain area.
The considered minimum grain size is equal to 3 pixels (equivalent to 0.9 μm for the 0.5 μm step
size employed in the current EBSD analysis). In Figure 9a,b, unit size distributions are presented
for both non-deformed and deformed ferrite families corresponding to Tdef50. Comparing the
grain size distributions obtained in each ferrite population, significantly finer grains were measured
for non-deformed ferrite (see Figure 9a) compared to deformed ferrite (Figure 9b). Additionally,
in Figure 9c,d, mean grain size values are plotted for both ferrite types and different ferrite levels,
as well as both chemistries and austenite conditions. As mentioned previously, in the analysis of the
results shown in Figure 9c,d, considerably finer microstructures were obtained in the non-deformed
ferrite formed during the final air cooling step. With regard to the mean grain size trends corresponding
to non-deformed ferrite population, no significant effect of ferrite fraction before deformation and
addition of microalloying elements on grain size is observed. Similar mean unit size values were
measured in entire ferrite content for both steels and different austenite conditions. Nevertheless,
a different behavior could be detected regarding the evolution of mean grain size of the deformed ferrite
family. The addition of Nb and V promotes microstructural refinement when the transformation occurs
from deformed austenite. In summary, a microstructural refinement is ensured when deformation is
accumulated in the austenite prior to transformation. The benefit of the accumulation of deformation
in the austenitic range is associated with the increase of the specific grain boundary, which leads to
a significant increase in the density of ferrite nucleation sites introduced by deformation [18–21].

Different equations have been proposed in the literature for predicting the ferrite grain size after
austenite-to-ferrite transformation for different steels [19,22–24]. All of the mentioned expressions take
into account the initial austenite grain size (dγ), the cooling rate under continuous cooling conditions
(

.
T), and the accumulated strain in the austenite prior to transformation (εacc). However, depending on

the equation, significant differences can be observed in the predicted ferrite grain size. After comparing
the predicted ferrite grain size with the experimental grain size values, the approach proposed by
Bengochea et al. [19] (see Equation (1)) was selected.

dα =
(
1− 0.5εacc

0.47
)
(4.5 + 3

.
T
− 1

2 + 13.4(1− exp(−0.015dγ))), (1)

where dγ, εacc, and
.
T are the austenite mean grain size (in μm), the accumulated strain in the austenite

prior to transformation, and the cooling rate (◦C/s), respectively.
Even though Equation (1) [19] was initially developed for continuous cooling conditions

(austenite–ferrite phase transformation), in the present work, the applicability of this approach
for intercritically deformed microstructure was evaluated. Considering this equation, the intercritically
deformed ferrite grain size, as well as the non-deformed ferrite grain size were predicted. In Table 3,
besides the predicted mean ferrite grain sizes, the variables considered in each condition are summarized
for both ferrite families. For the deformed ferrite population (DF), the mean austenite grain size at
1050 ◦C is considered (after the deformation pass at this temperature) (73 and 55 μm, for CMn and
NbV-microalloyed steel, respectively). In the NbV deformed austenite condition, an accumulated
strain (εacc) of 0.4 was considered in order to take into account the accumulation of deformation in the
austenite prior to transformation. In analyzing the predicted mean ferrite grain sizes, it is observed
that finer ferrite grains are estimated for NbV deformed austenite.

Regarding the non-deformed ferrite grain size (transformed after intercritical deformation and
during the final air cooling step), the εacc term is considered to be 0.4 for CMn and NbV recrystallized
austenite, whereas for NbV deformed austenite, a εacc of 0.8 is taken into account (the sum of the
deformation applied below Tnr in austenite and deformation applied in the intercritical region).
To estimate mean austenite grain size prior to transformation, the ferrite content prior to intercritical
deformation must be taken into account [25,26]. It is well known that as ferrite content increases before
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deformation, the remaining austenite grain size decreases. Therefore, the remaining austenite sizes
were measured in selected quenched samples prior to intercritical deformation (by measuring the
martensitic regions in the quenched samples) in order to find the relation between ferrite fraction before
intercritical deformation and the remaining austenite size. For example, in the NbV recrystallized
austenite condition, the mean austenite size decreased from 47 to 26 μm, increasing the intercritically
deformed ferrite fraction from 24% to 71%. As the content of ferrite prior to intercritical deformation
increased, the predicted mean non-deformed ferrite size decreased, due to the reduction of the mean
austenite grain size. For example, for NbV recrystallized austenite, calculated dα decreased from 9.6 to
8.0 μm when the ferrite fraction increased from 24% to 71%.

 
(a) (b) 

 
(c) (d) 

Figure 9. Grain size distributions corresponding to Tdef50 and different chemical composition
(CMn, NbV recrystallized austenite, and NbV deformed austenite): (a) Non-deformed ferrite and (b)
deformed ferrite population. Influence of austenite/ferrite balance, chemical composition, and austenite
condition on 15◦ mean grain size of both ferrite populations: (c) non-deformed ferrite and (d) deformed
ferrite population.
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Table 3. Predicted mean ferrite grain sizes for both ferrite families considering Equation (1) [19] and
the variables considered in each condition.

Ferrite Family Condition
Ferrite Content Prior
to Deformation (%)

Mean Austenite Size,
dγ (μm)

εacc

.
T

(◦C/s)

dα Predicted (μm) by
Equation (1)

DF

CMn
37 73 0 1 16.4
64 73 0 1 16.4
63 73 0 1 16.4

NbV
recrystallized

austenite

24 55 0 1 15
61 55 0 1 15
71 55 0 1 15

NbV deformed
austenite

8 55 0.4 1 10.1
53 55 0.4 1 10.1
45 55 0.4 1 10.1

NDF

CMn
37 36 0.4 1 8.9
64 16 0.4 1 7.0
63 16 0.4 1 7.0

NbV
recrystallized

austenite

24 47 0.4 1 9.6
61 31 0.4 1 8.4
71 26 0.4 1 8.0

NbV deformed
austenite

8 52 0.8 1 8.1
53 35 0.8 1 7.1
45 38 0.8 1 7.3

In Figure 10, the predicted ferrite sizes are plotted as a function of ferrite grain size measured
by the EBSD technique for the different compositions, austenite conditions, and ferrite families
(DF and NDF, deformed and non-deformed ferrite, respectively). With regard to the non-deformed
ferrite, a reasonable fitting can be observed for all the conditions. However, for the NDF population, the
experimentally measured mean grain sizes were slightly larger than the predicted ferrite grain sizes,
principally for the NbV deformed austenite sample. This deviation is more significant for Tdef50 Tdef75
conditions. For NbV grade, further analysis is required in order to understand the effect of deformation
temperature on ferrite grain size when the transformation takes place from a deformed austenite.

Figure 10. Predicted ferrite grain sizes considering Bengochea’s [19] equation as a function of ferrite size
measured by EBSD for both chemical composition, austenite conditions, and both ferrite populations
(NDF and DF).

3.4. Interaction between Precipitation, Nb in Solution, and Intercritically Deformed Ferrite

In order to evaluate the role of Nb and V precipitates in the different processes (restoration,
recrystallization) occurring during the intercritical rolling, a study of fine precipitates was carried out
on carbon extraction replicas, and the average precipitate size was measured in selected conditions.
Figure 11 shows differences in precipitation for both recrystallized and deformed austenite for the
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Tdef75 condition. Regarding the effect of austenite conditioning, different precipitation populations
were formed depending on the applied rolling strategy (recrystallized or deformed austenite). When the
transformation occurs from recrystallized austenite, a high density of fine precipitates can be detected.
These precipitates are considered to be formed in ferrite during or after the intercritical deformation.
Nevertheless, in the sample corresponding to deformed austenite, strain-induced precipitates formed
in austenite are also observed. In all cases, most of the particles are Nb-rich precipitates, as well as
NbV and NbTiV-rich precipitates (see microanalysis shown in Figure 11e).

NbV (Recrystallized austenite) 

 
(a)  

NbV (Deformed austenite) 

 
(c) 

 
(b) 

 
(d) 

 
(e) 

Figure 11. TEM images obtained in (a,b) NbV recrystallized austenite and (c,d) NbV deformed austenite
at different magnifications for Tdef75. (e) Microanalysis of the precipitates.
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In Figure 12a, the precipitate size distributions are plotted. The precipitate diameter distributions
corresponding to recrystallized austenite and deformed austenite conditions (Tdef75 case) can be
compared. The results indicate that noticeably finer precipitates were measured when transformation
occurs from recrystallized austenite (mean precipitate size is decreased from 15.9 to 10.2 nm). This could
be related to the fact that a lower intercritical deformation temperature is applied in Cycle A
(recrystallized austenite), which leads to the formation of finer precipitates in ferrite. In addition,
as previously mentioned, a higher density of fine precipitates was observed.

(a)  (b) 

Figure 12. Precipitate size distribution measured for (a) NbV recrystallized austenite and NbV deformed
austenite for Tdef75. (b) Tdef25 and Tdef75 for NbV recrystallized austenite.

The results indicate that the nanometric precipitates could suppress the restoration of ferrite,
forming microbands when transformation occurs from recrystallized austenite. In the case of Cycle B
(deformed austenite), strain-induced precipitates formed in the austenitic region—which are bigger
but fewer in number—were not able to stop the restoration process that happens during or after the
intercritical deformation. Differences in the niobium available during transformation are a key factor in
maintaining the deformation bands or in developing a substructure within the intercritically deformed
ferrite grains.

Besides the analysis of the influence of the accumulation of deformation in the austenite prior
to transformation, the effect of ferrite fraction before intercritical deformation was also analyzed.
An example is given in Figure 13, which shows the comparison between TEM images corresponding to
Tdef25 and Tdef75. Furthermore, in Figure 12b, the precipitate size distributions are also presented.
Quantified mean precipitate sizes are also included in the graphs. A significant precipitate size
refinement is clearly noticeable as ferrite content prior to deformation increases and intercritical
deformation temperature decreases. Moreover, as shown in Figure 13, a higher fraction of fine
precipitates is observed for Tdef75. Mean precipitate size decreases from 13.8 to 10.2 nm when the
fraction of ferrite before intercritical deformation increases from 25% to 75%. Finer precipitates are
formed when lower intercritical deformation is applied, confirming that the precipitation occurs during
or after intercritical deformation.
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Tdef25 Tdef75  

 
(a)  

 
(b) 

Figure 13. TEM images obtained in NbV recrystallized austenite and different ferrite contents prior to
intercritical deformation: (a) Tdef25 and (b) Tdef75.

4. Conclusions

The analysis of intercritically deformed microstructures has been validated and extended to
NbV-microalloyed steels following an EBSD characterization procedure. The threshold values for
differentiating between deformed and non-deformed ferrite depend on the ferritic structure formed.
Non-deformed equiaxed ferrite grains can be distinguished more easily from deformed ferrite grains,
while in situations where non-polygonal and more bainitic structures are formed, the differentiation
between deformed and non-polygonal grains is more diffuse due to a higher dislocation density in
the latter.

The transformation of ferrite from recrystallized and deformed austenite implies modifications
in the intercritically deformed ferrite. Differences in the niobium available during transformation
are a key factor in maintaining the deformation bands and in developing a substructure within the
intercritically deformed grains.
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Abstract: In this paper, a method of using the second phase to control the grain growth in Fe–Al–Cr
alloys was proposed, in order to obtain better mechanical properties. In Fe–Al–Cr alloys, austenitic
transformation occurs by adding austenitizing elements, leading to the formation of the second phase
and segregation at the grain boundaries, which hinders grain growth. FeCr(σ) phase was obtained in
the Fe–Al–Cr alloys, which had grains of several microns and was coherent and coplanar with the
matrix (Fe2AlCr). The nucleation of σ phase in Fe–Al–Cr alloy was controlled by the ratio of nickel
to chromium. When the Ni/Cr (eq) ratio of alloys was more than 0.19, σ phase could nucleate in
Fe–Al–Cr alloy. The relationship between austenitizing and nucleation of FeCr(σ) phase was given by
thermodynamic calculation.

Keywords: high-aluminum steel; second phase; phase transition; thermodynamic calculation

1. Introduction

Heat-resistant ferritic steels have better heat capacity and a lower thermal expansion rate than
nickel-based alloys. The growth rate and adhesion of Al-rich oxide film on Fe–Al–Cr alloy are not
affected by water vapor because of its good thermal cycling resistance. Depending on the protective
thermal growth oxides (TGO) to prolong the service life of alloys under harsh working conditions
and maintain the stability of material systems and isolate pollutants, many researchers have proposed
that Fe–Al–Cr alloys can be regarded as a new generation of nuclear fuel cladding materials [1,2].
The coarse grains are the main factor hindering the development of Fe–Al–Cr alloys. In recent years,
researchers generally intend to use the second phase in Fe–Al–Cr alloys to refine the grains and
strengthen the matrix. The (Ni, Fe) Al precipitates have been studied most [3–5]. C. Stallybrass et al.
have suggested that the high temperature strength of nickel-based superalloys is attributed to the
dispersion strengthening of Ni3Al. Similar microstructures could be obtained in the Fe–Al–Ni–Cr
system with B2 ordered (Ni, Fe) Al precipitates in the ferritic matrix superalloys.

In the Fe–Cr–Al ternary system, there is a miscible zone between the disordered A2 phase and the
ordered B2 phase [6]. These two phases have similar lattice parameters, and they are coherent and
coplanar, which is a characteristic shared by alloys consisting of miscible phases and nickel-based
superalloys. In general, the volume fraction of precipitates strengthened by coherent B2 (Ni, Fe) Al
precipitates is 13% and the average precipitation radius is 62 nm [7]. The creep mechanism is the
repulsive elastic interaction between the general dislocation climb, the coherent precipitate, and the
matrix dislocation [8–12].

However, the Ni–Al phase plays an important role in precipitation strengthening and does not
fundamentally refine the grain size of Fe–Al–Cr alloys. The aim of this study was to limit the grain
growth of Fe–Al–Cr alloys by searching for a continuous and inhomogeneous micron-sized second
phase in order to achieve good mechanical properties. FeCr has entered our field of vision, because it
has a body-centered cubic lattice similar to ferrite, its crystal group is Im3m (229), and it is easy to
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nucleate at the grain boundary. As a common second phase in nickel-based superalloys, we tried to
study its effects on iron-based superalloys.

2. Experimental Procedures

Four alloys with different chemical compositions (Table 1) were melted in a vacuum induction
furnace. The raw melting materials included DT4C pure iron, pure aluminum, pure nickel, and GCr15
bearing steel. It is noteworthy that the alloy was stirred uniformly under the action of the magnetic
field. After the shell was formed by air cooling, the alloy, the billet of which had just become solidified,
was impacted by a large amount of water (of about 20 ◦C temperature), and the metal was cooled to
room temperature in a few minutes.

Table 1. Alloy chemical composition (in wt.%) determined by XRF (X-ray Fluorescence, 20◦/min).

No. Fe Al Cr Ni C V Ti

#1 72.27 7.91 13.17 6.65 - - -
#2 81.97 8.46 8.76 - 0.81 - -
#3 75.15 12.25 10.29 2.11 0.20 - -
#4 75.54 11.73 11.48 8.68 - - 1.21
#5 82.57 8.80 4.86 2.19 - 1.36 -
#6 86.91 8.38 4.71 - - - -

The grain morphology of the alloys was observed under a metallographic microscope, and their
phase composition was analyzed by X-ray diffraction (XRD, D/mAX 2500, Japanese Neo-Confucianism
Corporation, Tokyo, Japan). The surface morphology of the alloys was observed by field emission
scanning electron microscopy (FESEM, JOEL JSM-7800F, Japan Electronics Corporation, Tokyo, Japan),
and the main chemical components of the phases were analyzed by energy dispersive spectroscopy (EDS,
JOEL JSM-7800F, Japan Electronics Corporation, Tokyo, Japan) coupled with FESEM. Subsequently, the
as-cast alloys were cut into the specimens of 15 × 15 × 5 mm in size.

The #1, #2 and #3 alloys were heated from 20 to 1000 ◦C for 30 min, cooled by water (20 ◦C),
re-heated to 1000 ◦C for 30 min, and then rolled by a rolling mill with a pair of work rolls under a
rolling pressure of 25 T. The thickness of the samples was decreased from 5 to 2.5 mm during the
rolling process. After rolling, the alloys were placed into a DHG-9053 thermal oven and dried at 200 ◦C
for 72 h.

3. Results and Discussion

3.1. Second Phase of Alloys

From the metallographic observations, the matrix structure was divided into smaller grains by
the second phase in #1, #2 and #3 alloys, and the matrix grains encountered the hindrance of the
second phase during the growth process (Figures 1 and 2). Combining the EDS results (Table 2,
Figures 3 and 4), it can be observed that the matrix structure was α-Fe solid solution of Fe2AlCr.
However, the second phases of the alloys with different compositions varied from each other. In
particular, alloy #1 formed FeCr phase (σ phase), alloy #2 formed a mixed phase of FeCr phase and a
great deal of carbide precipitation, and alloy #3 formed a mixed phase of FeCr and a little amount
of carbide precipitation. In contrast, samples #4, #5, and #6 alloy did not have FeCr phase; they had
a large grain size, which can reach several millimeters in diameter. The average rain diameter of
each alloy was calculated by Image-pro software, #1 alloy’s grain diameter was 86.7 μm, #2 alloy was
93.2 μm, #3 alloy was 95.5 μm, #4 alloy was 1035.3 μm, #5 was 4369.7 μm, and #6 was 3180.9 μm.
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Figure 1. Metallography structure of alloys. FeCr phase appeared in #1, 2, and 3 alloys, (Ni Fe)Al
appeared in #4 and #5 alloys. FeCr and (Ni Fe)Al’s components are presented in Table 2.

 
Figure 2. SEM image of alloys grain. A large number of FeCr phases accumulated at the grain
boundaries in #1 alloy. In #2 alloy, FeCr phase nucleated on the carbide. There was distribution of
FeCr along the grain boundary in 3# alloy. (Ni Fe)Al phase was precipitated in #4 and #5 alloys, which
played the role of precipitation strengthening.

Table 2. Chemical compositions of the respective locations shown in Figure 2. There were both FeCr
and carbides (Locations 1, 2 and 3), and there were (Ni Fe)Al in Locations 4 and 5.

Element Location 1 (at. %) Location 2 (at. %) Location 3 (at. %) Location 4 (at. %) Location 5 (at. %)

Fe 53.64 57.68 59.72 73.19 75.86
Al 1.46 7.31 9.96 18.31 16.72
Cr 42.45 14.07 34.48 - -
C - 20.94 3.76 - -
Ni 2.45 - 2.04 8.60 4.32
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Figure 3. FESEM image of alloy #1, showing a sample grain and element distribution at a grain
boundary. The distribution of elemental Cr is particularly important, as the distribution of elements
coincides with that of phases.

Figure 4. FESEM image of alloy #2 sample grain and element distribution at a grain boundary. The
distribution of Cr elements coincides with that of the phases in the grain boundary.

There was no obvious grain boundary defect in the matrix in #1, #2 and #3 alloys’ grain, whilst
the second phase had an obvious grain boundary. The grain size of the matrix could reach tens of
microns, whilst the grain size of the second phase was only a few microns. The second-phase grains
were dendritic, a small portion of which were scattered in the matrix grains. The grain sizes of #4, #5
and #6 alloys reached hundreds of microns, and the alloys’ grain boundaries were clean, without the
second phase at the grain boundaries.
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3.2. Thermodynamic Calculation

The matrix phase of Fe–Al–Cr alloys is ferrite structure, which is a body-centered cubic lattice.
In our conception, we need to find a second phase of body-centered cubic crystal to meet two
requirements. The second phase is needed to prevent the growth of ferrite grains, and to form a
semi-eutectic lattice structure. σ phase is a destructive second phase in nickel-based superalloys,
which is body-centered cubic crystal (its space group is Im3m (229)). The destructive effect of σ phase
in nickel-based superalloys is that σ phase nucleates easily at grain boundaries and the lattice of
nickel-based superalloys is usually a face-centered cubic structure [13].

σ phase is a kind of topological close-packed phase (TCP), which is easy to nucleate on grain
boundaries and carbides. Thermodynamic calculation by FactSage6.2 (Equilib Module) shows that
adding Ni element to the alloy is beneficial for the nucleation of σ phase (Figure 5) [14].

Figure 5. Relationship between Ni content in alloy andσphase volume content in Fe-8 wt.%Cr-4 wt.% Al.

The nucleation of σ phase is related to the electron vacancy concentration in the lattice [15,16].

�Nv = N
c
v −NV (1)

When �Nv is less than zero, σ phase will nucleate. The smaller �Nv is, the more σ phase will precipitate.
N

c
v means critical electron vacancy and NV means electrons vacancy density. Austenite’s primary cell

has higher electron vacancy density than ferrite. Thus, σ phase is easy to nucleate in austenite solid
solution. Ni is a strong austenitic stabilization element, and a small amount of Ni can achieve stability
austenitic phase (Figure 6). This explains the positive effect of Ni on σ phase nucleation.

Another reason is that the diffusion of Cr atoms in ferrite is easier than that in austenite. After
alloy austenitizing, Cr atoms are confined to those regions and mixed with some free Fe atoms to form
σ phase, which hinders the growth of Fe–Al–Cr alloy grains. Other austenitizing elements have similar
effects with Ni elements, such as C (Figure 7). The effect of austenitizing on the second phase of the
alloy is shown in Figure 5. Nickel equivalence has an important effect on austenitizing of alloys, and
austenitizing affects the nucleation of FeCr.
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The equilibrium multicomponent system has the smallest Gibbs free energy (Equation (1)). The
thermodynamic description of a system requires that each phase has its corresponding thermodynamic
function (Equation (2)), which is used to describe the relationship between temperature, pressure,
concentration and various free energy functions. In the calculation of phase diagrams, Gibbs free
energy of two-element phase in a multicomponent system can be decomposed into three independent
parts (Equation (3)). The sub-lattice model is used for the ordered phase with ordered/disordered
phase transition. The lattice position fraction occupied by atoms in the primary cell is used to replace
the stoichiometric ratio in the solution model (Equations (4) and (5)).

Geq = min(
p∑

i=1

niG
φ

i ) (2)

Gφ = Gφ
T (T, x) + Gφ

p (p, T, x) + Gφ
m (Tc,β0, T, x) (3)

Gφ = x0
AG0

A + x0
BG0

B + �G f (4)

xA = a1y1
A + a2y2

A (5)

xB = a1y1
B + a2y2

B (6)

The results of phase diagram calculation are as follows (Figures 6–8).

Figure 6. Effect of Ni addition on the Fe–Al–Cr phase diagram (1000–2000 K). (a) Ni/(Fe + Al + Cr) =
0 wt.%; (b) Ni/(Fe + Al + Cr) = 4 wt.%; (c) Ni/(Fe + Al + Cr) = 6 wt.%; and (d) Ni/(Fe + Al + Cr) =
8 wt.%.
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Figure 7. Effect of C addition on the Fe–Al–Cr phase diagram (1000–2000 K). (a) C/(Fe + Al + Cr) = 0.2
wt.%; (b) C/(F e+Al + Cr) = 0.4 wt.%; (c) C/(Fe +Al + Cr) = 0.8 wt.%; and (d) C/(Fe +Al + Cr) = 1 wt.%.

Figure 8. Effect of Al addition on the Fe–Ni–Cr phase diagram (1000–2000 K).

With the increase of aluminium content, the boundary between the austenite phase and the
ferrite phase diagram shifts to the left until the austenite phase disappears completely. From Figure 9,
austenitizing of Fe–Al–Cr alloys does not depend on the content of Ni, but on the ratio of Ni equivalent
to Cr equivalent. This conclusion is confirmed by experiments (Figure 9). When the Ni/Cr ratio of
alloys is more than 0.19, σ phase can nucleate in Fe–Al–Cr alloys.
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Figure 9. The different locations indicate the Cr/Ni ratio of the alloys.

3.3. Effect of High Temperature Environment on σ Phase

The matrix phase (Fe2AlCr) of the alloys was coherent and coplanar with the second phase (FeCr).
It was impossible to observe the behavior of the second phase at high temperature by XRD (Figure 10),
because the matrix phase causes confusion. The effect of high temperature on phase A was studied
using high temperature experiments.

Figure 10. XRD results of the #1, #2 and #3 alloys. (a) Comparison of XRD images of Alloys with XRD
of Standard Substances. The Fe2AlCr and FeCr phases were coherent and coplanar. (b) XRD results of
#1 alloy at different temperatures.

The phase distribution and grain size around the grain boundary of the alloys was hardly changed
by quenching. Thermomechanical treatment results (rolling) in obvious grain orientation: tangential
direction of the deformation direction of the alloys. The grain size of the alloys tended to grow after
aging at 200 ◦C for 72 h after deformation. In addition, the distribution of the second phase was
significantly changed after thermomechanical treatment. The distribution became more dense and the
grains became more chaotic whilst more second phase particles entered into the grains (Figure 11).
Unfortunately, these heat treatments cannot refine the grain size of these alloys from the results.
Moreover, after thermomechanical treatment, the toughness will be further decreased due to the
formation of texture (Figure 12). In summary, thermomechanical treatment did not achieve the goal of
grain refinement, which again indicated that the two phases are coherent and coplanar. σ phase will
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not decompose rapidly in a 1000 ◦C high temperature working environment, and it will not dissolve
into the matrix in a short time heating process.

Figure 11. Metallographic structure changes in the four alloys during heat treatment. Alloys were
heated from 20 to 1000 ◦C for 30 min, cooled by water (20 ◦C) re-heated to 1000 ◦C for 30 min, and after
rolling, aging 72 h in 200 ◦C.

 
Figure 12. Alloy microstructure after a series of heat treatments. (a) Alloy #1; (b) alloy #2; (c) alloy #3;
and (d) alloy #4.

4. Conclusions

(1) This study provides a new way for grain refinement of Fe–Al–Cr alloys and a new idea for
commercial application on a large scale. In this study, FeCr(σ) phase was obtained in the
Fe–Al–Cr alloys, which had grains of several microns and was coherent and coplanar with the
matrix (Fe2AlCr).

(2) σ phase nucleated in austenite. The nucleation of σ phase in Fe–Al–Cr alloys is controlled by the
ratio of nickel to chromium. When the Ni/Cr (eq) ratio of alloys is more than 0.19, σ phase can
nucleate in Fe–Al–Cr alloys.
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(3) σ phase will not decompose rapidly in a 1000 ◦C high temperature working environment, and it
will not dissolve into the matrix in a short time heating process.
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Abstract: The influence of temperature and strain rate on the hot tensile properties of 0Cr18AlSi
ferritic stainless steel, a potential structural material in the ultra-supercritical generation industry,
was investigated at temperatures ranging from 873 to 1123 K and strain rates of 1.7× 10−4–1.7× 10−2 s−1.
The microstructural evolution linked to the hot deformation mechanism was characterized by electron
backscatter diffraction (EBSD). At the same strain rate, the yield strength and ultimate tensile strength
decrease rapidly from 873 K to 1023 K and then gradually to 1123 K. Meanwhile, both yield strength
and ultimate tensile strength increase with the increase in strain rate. At high temperatures and low
strain rates, the prolonged necking deformation can be observed, which determines the ductility
of the steel to some extent. The maximum elongation is obtained at 1023 K for the strain rates of
1.7 × 10−3 and 1.7 × 10−2 s−1, while this temperature is postponed to 1073 K once decreasing the
strain rate to 1.7 × 10−4 s−1. Dynamic recovery (DRV) and continuous dynamic recrystallization
(CDRX) are found to be the main softening mechanisms during the hot tensile deformation. With the
increase of temperature and the decrease of strain rate (i.e., 1123 K and 1.7 × 10−4 s−1), the sub-grain
coalescence becomes the main mode of CDRX that evolved from the sub-grain rotation. The gradual
decrease in strength above 1023 K is related to the limited increase of dynamic recrystallization
and the sufficient DRV. The area around the new small recrystallized grains on the coarse grain
boundaries provides the nucleation site for cavity, which generally results in a reduction in ductility.
Constitutive analysis shows that the stress exponent and the deformation activation energy are 5.9 and
355 kJ·mol−1 respectively, indicating that the dominant deformation mechanism is the dislocations
motion controlled by climb. This work makes a deeply understanding of the hot deformation
behavior and its mechanism of the Al-bearing ferritic stainless steel and thus provides a basal design
consideration for its extensive application.

Keywords: ferritic heat resistant stainless steel; hot tensile deformation; tensile property; dynamic
recrystallization; flow behavior

1. Introduction

Ferritic stainless steels are widely used in automobile, furnace part, construction and environmental
protecting industries owing to their higher thermal conductivities, smaller thermal expansions,
better resistance to atmospheric corrosion and stress corrosion cracking, and lower cost in comparison
with austenitic stainless steels [1,2]. However, low strength and poor resistance to oxidation at high
temperatures generally limit their extensive application.
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Hot tensile property is an important performance index of heat resistant steel. Generally,
the dynamic recovery (DRV) and dynamic recrystallization (DRX) are the most softening mechanisms
during the deformation [3,4]. The microstructural reconstitution including grain refinement and
structure homogenization can be achieved, which will be beneficial to improve the high temperature
strength and toughness of the materials [5]. Of course, the microstructural evolution during the
deformation depends strongly on the deformation parameters, such as temperature and strain rate, and
thus affecting the mechanical property. Chiu et al. [6] investigated the hot tensile property of Crofer 22
APU ferritic stainless steel at the temperatures of 873–1073 K and found a remarkable drop of yield
strength between 973 and 1023 K due to the obvious DRV. In addition, the micro-alloying technique
as an efficient approach has been applied in ferritic stainless steels to improve the high temperature
property [7,8]. The solute atoms, such as Nb, Mo, Ti, and Zr, are used to enhance the high temperature
strength of ferritic stainless steels [9–11]. Moreover, W and Ce can improve their high temperature
oxidation resistance [12,13]. However, these alloying elements are commonly expensive, and it is no
doubt that they would increase the manufacturing cost of the products of ferritic stainless steels.

Recently, with the development of metallurgical technologies, it is proved that Al as a cheap
element becomes an important alternative of the alloying design for many steels. For instance,
adding a small amount of Al (~1 wt.%) in transformation induced plasticity steels (TRIPs) facilitated
the suppression of cementite precipitation, the refinement of the bainite laths and the retention of
austenite [14–16], all which would improve the strength and toughness. For high Mn steels, the addition
of Al could increase the stacking fault energy and produce short-range ordering and/or κ′-carbide
precipitation [17]. In addition, Al can lead to a specific weight reduction, and a 1.3% reduction in density
was obtained per 1 wt% addition of Al [17]. Due to the addition of the large amount of Al (~10 wt.%),
a new type of steel, namely low-density steel, has been formed [18]. The strength of oxide dispersion
strengthened steels (ODSs) also increased with Al addition due to the back stress strengthening
combined with Orowan strengthening [19]. However, for ferritic stainless steels, the high temperature
properties [20], particularly in oxidation resistance [21,22], could be improved considerably by alloying
them with Al. However, the addition of Al could decrease the recrystallization temperature of ferritic
stainless steels [23], and thus resulted in untimely softening during applications at high temperatures.
Hence, the research on the hot deformation behavior of Al-bearing ferritic stainless steels is significant.
However, the studies on this aspect are limited.

0Cr18AlSi ferritic stainless steel is a potential structural material in the ultra-supercritical generation
industry. The authors’ previous results showed that this steel exhibited excellent high temperature
oxidation resistance at 1073 and 1173 K due to the formation of continuous, compact, and well-adherent
multicomponent oxide films containing Al2O3 [21]. The purpose of the present study is to investigate
the hot tensile deformation behavior and fracture of 0Cr18AlSi ferritic stainless steel. Effects of
temperature and strain rate on the tensile properties and microstructural evolution are analyzed in
detail. The results provide a reasonable evidence for the materials design and applications of Al-bearing
ferritic stainless steels.

2. Materials and Methods

The 0Cr18AlSi ferritic stainless steel used in this study was prepared by melting high-purity
elements in a vacuum induction furnace with an argon atmosphere. Its composition is as follows
(wt.%): C 0.09, Cr 18.4, Al 1.05, Si 1.01, Mn 0.75, P 0.017, S 0.001. The ingots were first forged at 1423 K,
and then hot-rolled at 1323 K to 8 mm thick strips in a laboratory hot-rolling mill. The strips were
annealed at 1123 K for 40 min in a resistance furnace, followed by quenching in water.

The tensile specimens with a gage length of 10 mm and cross section of 2 mm × 2 mm were
machined from the annealed plates parallel to rolling direction. An electronic universal testing machine
(WDW-200, JILIN GUANTENG AUTOMATION TECHNONOGY CO., LTD., Changchun, China) was
used to carry out the tensile tests. Temperatures ranging from 873 to 1123 K and strain rates ranging
from 1.7 × 10−4 to 1.7 × 10−2 s−1 were employed. The specimens were loaded at the target temperature

64



Metals 2020, 10, 86

for 20 min before testing in order to eliminate the temperature gradient. After the tensile tests, all
specimens were immediately quenched to room temperature by water.

The fracture surfaces of the tensile specimens were observed by scanning electron microscope
(SEM, JSM-5600, JEOL, Tokyo, Japan). The microstructural morphology close to the fracture parallel to
tensile direction was analyzed by the optical microscope (OM, DM13000M, Leica, Vizula, Germany).
After the standard metallographic procedures including grinding, polishing and etching for the
specimens, a mixed solution of 5 vol.% ferric chloride (FeCl3) and 5 vol.% hydrochloric acid (HCl) in
distilled water was used to display the microstructures. In order to obtain the detailed information on
microstructural evolution during hot deformation, electron backscattered diffraction (EBSD) technology
was performed. The specimens for EBSD were ground mechanically followed by argon ion polishing.
The HKL CHANNEL 5 software (Company Oxford Instruments, Oxfordshire, UK) was utilized to
post-process the data obtained from the EBSD measurements.

3. Results and Discussion

3.1. Initial Microstructure

The initial microstructure of the studied steel is shown in Figure 1a, which reveals a relatively
uniform equiaxed grain structure with an average grain size of 27μm, as measured by the linear-intercept
method (ASTM E112). Corresponding X-ray diffraction result is seen in Figure 1b. Only body-centered
cubic (bcc) structured phase can be detected, confirming that the existence of the complete ferritic
microstructure after annealing at 1123 K for 40 min.

 
Figure 1. (a) Optical microstructure of the annealed 0Cr18AlSi steel and (b) corresponding X-ray
diffraction pattern.

3.2. Tensile Properties

Figure 2 shows the tensile engineering stress–strain curves of the specimens tested at different
deformation conditions. It can be seen that the flow behavior is sensitive to deformation temperature
and strain rate. At low temperature and high strain rate, i.e., 873 K and 1.7 × 10−2 s−1, the variation of
flow stress is parabolic. It means that the flow stress increases to a peak value at a reduced increase
rate as the strain proceeds, and then declines quickly until the specimen ruptures. This is related to
the microstructural evolution during hot tensile deformation. As illustrated in Figure 1b, the studied
steel has a bcc structure. The dislocations can cross-slip and climb easily during hot deformation
because of a relatively high stacking fault energy of the bcc structure [24], and thus dynamic recovery
(DRV) generally dominates the softening process of this kind of steel [24,25]. Dynamic recrystallization
(DRX) will take place only when DRV is not enough to offset the strain hardening effect [26]. As can be
seen, the slow increase in flow stress at the early deformation stage indicates that the flow softening,
mainly DRV, occurs. This partially offsets the initial strain hardening caused by dislocation proliferation.
After necking, the cavities and cracks will be formed easily. Their rapid propagation at the localized
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necking positions can be responsible for the sharp decrease in flow stress. In stark contrast to parabolic
stress-strain curve, the stress-strain curves are characterized by the rapidly increased flow stress to a
peak value followed by gradually decreasing at a steady rate as increasing the temperature or decreasing
the strain rate, as shown in Figure 2b,c. This indicates the extended necking deformation though the
necking has occurred. The similar phenomenon has also been reported in other alloys [27,28]. It is
inferred that the flow softening associated with DRV and possible DRX can promote the progressive
development of necking deformation and thus delay the necking rupture.

 

Figure 2. Tensile engineering stress–strain curves of the 0Cr18AlSi steel tested at various temperatures
with strain rates of (a) 1.7 × 10−2 s−1; (b) 1.7 × 10−3 s−1; and (c) 1.7 × 10−4 s−1.

The tensile properties, namely, yield strength (YS), ultimate tensile strength (UTS), elongation
to fracture (EL), uniform elongation (UE), and reduction of area (RA) are summarized in detail, and
the results are presented in Figure 3. From Figure 3a,b, it can be seen that, overall, YS and UTS drop
rapidly from 873 K to 1023 K for all strain rates followed by a gradual decrease until 1123 K. Meanwhile,
both YS and UTS increase with the increase of the strain rate for all temperatures. The maximum YS
and UTS are obtained at 873 K and 1.7 × 10−2 s−1 (166.49 MPa and 222.28 MPa, respectively). It is
known that the grain boundary and dislocation are easy to move at high temperatures, because the
average kinetic energy of atoms increases and the critical shear stress for dislocation activation is
reduced [29]. Therefore, the flow softening can be promoted by reducing the dislocation density at
high temperatures, so as to decrease the strength. In addition, the increase of strain rate can enhance
deformation storage energy and restrict atoms motion, which can cause an obvious work hardening,
and thus results in the enhancement of strength. The influence of temperature on the EL is complex
(Figure 3c). At high strain rates of 1.7 × 10−2 s−1 and 1.7 × 10−3 s−1, EL increases with increasing
temperature up to 1023 K, after which it exhibits a gradual decrease and then remains relatively
stable. At the low strain rate of 1.7 × 10−4 s−1, a peak value in EL (~163%) can be found at 1073 K,
indicating the pleasant plasticity. However, at temperatures above 1073 K, EL decreases to ~107%.
Generally, such remarkable decrease in EL at high temperatures is ascribed to carbide precipitation
and grain boundary migration [30]. The detailed discussion will be demonstrated later. Furthermore,
it is observed from Figure 2 that the studied steel shows a limited strain hardening. The variations
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of UE with temperature at different strain rates are shown in Figure 3d. It is well known that the
higher the value of UE, the more the strain hardening capacity [27]. From Figure 4d, UE decreases with
increasing the temperatures regardless of the strain rates. UE presents a high level at the strain rate of
1.7 × 10−2 s−1 in comparison to other employed strain rates, where it reaches a maximum of 12.5%.
This infers that the flow softening is accelerated at low strain rate and high temperature, which thereby
leads to an invisible strain hardening during the initial tensile deformation. For the RA, as shown
in Figure 3e, it increases with increasing the temperature at all strain rates, which exhibits a distinct
difference with the variation of EL at temperatures above 1023 K. A high RA and low EL illustrates
that the local necking resistance is reduced at high temperatures. RA increases with decreasing the
strain rate as expect, but it changes little when the strain rate is less than 1.7 × 10−3 s−1.

 
Figure 3. Tensile properties of the 0Cr18AlSi steel tested at different conditions: (a) yield strength,
YS; (b) ultimate tensile strength (UTS); (c) elongation to fracture (EL); (d) uniform elongation (UE);
(e) reduction of area (RA).

The fracture surfaces of the specimens tested at different conditions are shown in Figure 4,
which reveals the rupture features. The existence of tearing ridges and dimples indicate that the
fracture failure mode is ductile in nature. At the high strain rate of 1.7 × 10−2 s−1, it can be seen
that the small equiaxed dimples are uniformly distributed on the fracture surface of the specimen
deformed at 973 K (Figure 4a), and the inner walls of these dimples are smooth. The dimples become
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larger and deeper with increasing the temperature up to 1023 K (Figure 4b). This indicates that the
studied steel undergoes large deformation before rupture, and thus facilitates the void growth. This is
also evidenced from the macro-view of the tested specimen along the gauge length (Figure 4b inset).
The macro-appearance of the fracture changes from square to strip, and obvious rumpling of the side
walls can be observed. Moreover, the trans-granular shear becomes apparent as the increase of test
temperature, as shown in Figure 4c. When the strain rate decreases to 1.7 × 10−4 s−1, there exhibits
significant change on the fracture morphology. The dimples coalescence and the cracks on tearing
ridges can be easily observed (Figure 4d,e). More micro-voids are also activated at low strain rates.
This infers that the degree of the deformation is increased. Similar with the fracture at 1123 K and
1.7 × 10−2 s−1, the trans-granular shear failure with plastic flow is the main feature of the fracture
surface as increasing the temperature to 1073 K at 1.7 × 10−4 s−1, as shown in Figure 4f. The severe
deformation featured by oblate dimples and cracks with a large size give the reason for the achievement
of best elongation.

  

  

  
Figure 4. SEM fractographs of the 0Cr18AlSi steel tested at different conditions: (a) 973 K and
1.7 × 10−2 s−1; (b) 1023 K and 1.7 × 10−2 s−1; (c) 1123 K and 1.7 × 10−2 s−1; (d) 873 K and 1.7 × 10−4 s−1;
(e) 973 K and 1.7 × 10−4 s−1; (f) 1073 K and 1.7 × 10−4 s−1. The insets indicated the fracture surfaces at
low magnifications.
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3.3. Microstructures Analyses

3.3.1. Microstructures Evolution Observed by OM

The tensile behaviors are strongly connected to the microstructures. Figure 5 shows the optical
micrographs of the cross-sectional area beneath the fracture surface for the specimen fractured under
the typical conditions. The characteristics of microstructures and cavities can be observed. It is seen
that at 873 K and 1.7 × 10−4 s−1 (Figure 5a), most grains are elongated parallel to the tensile axis due to
the deformation of original grains, and a large number of small spherical cavities appear near the grain
boundaries, particularly in the boundary junctions. These small cavities become coarser in the vicinity
of the fracture due to their coalescence, eventually causing the material to break. As can be seen,
the fracture experiences cavity formation, cavity coalescence, and crack formation and growth. As the
temperature goes up to 1023 K (Figure 5b), the equiaxed grains can be found in the microstructure near
the fracture apart from the deformed grains, indicating the formation of DRX. Moreover, the number
of cavities is significantly reduced. However, these cavities preferentially nucleated at the boundaries
of the new grains, and they are then elongated and expanded from the grain boundaries to interiors.
This process can consume a large amount of deformation energy. Therefore, the necking deformation
ability is improved when deformed at 1023 K. At the high temperature of 1123 K (Figure 5c), the grains
are obviously coarsened due to the activation of boundaries migration, which indicates the dynamic
softening is accelerated. However, the number of elongated cavities decreases. Plenty of spherical
cavities and their coalescence in the vicinity of the fracture can be observed once again, which also
indicates that the studied steel undergoes low necking deformation before fracture. With increasing
the strain rate up to 1.7 × 10−2 s−1 at 1123 K (Figure 5d), the microstructure is refined obviously. It is
noted that most elongated cavities distribute intensely near the upper and lower surfaces (marked
the blue arrows). This because that a strong three-dimensional stress has formed at the necking area
during the tensile test at high strain rates, which can promote the initiation and propagation of cavities.

3.3.2. Microstructures Evolution Observed by EBSD

In order to analyze the mechanism of microstructures evolution during hot tensile deformation,
EBSD measurements were carried out on the deformed specimens. Figure 6 shows the grain
morphologies near the fracture tips of the specimens tested at 1.7 × 10−4 s−1 with different temperatures.
At 873 K (Figure 6a), numerous pancake-like deformed grains can be easily observed along the tensile
direction. Different areas show various colors in these deformed grains, indicating the generation of
sub-structures. To reveal the development of the sub-structures within the deformed grains, the local
(point-to-point) and cumulative (point-to-origin) misorientations were calculated in a special grain
marked the line L1 from left to right, and the results are shown in Figure 7a. Several sharp peaks
with misorientation angle of 4–7◦ can be seen in the point-to-point misorientation curve, while the
misorientation angle between these sharp peaks is less than 2◦. This indicates that the orientation
of different areas within this grain changes, and the grain has been divided into several sub-grains
surrounded by low-angle grain boundaries (LAGBs, 2–15◦). The large amount of wavy shape peaks
less than 2◦ represent that the high density of dislocations forms in the sub-grains. Belyakov et al. [31]
pointed out that the dislocation density between the dislocation walls could exceed 1014 m−2 during
warm deformation for ferritic stainless steel. Moreover, the point-to-origin misorientation can easily
exceed 10◦ on the distances of 16–20 μm, 38–93 μm, and 122–157 μm. The large strain gradient will
promote the sub-grain rotation and eventually lead to the formation of high-angle grain boundaries
(HAGBs, >15◦). Some new segments of HAGBs have been detected in the deformed grain interiors,
marked the black arrows in Figure 6a. The variation in misorientation across a typical HAGB segment
is plotted in Figure 7b, which provides an evidence for the occurrence of sub-grain boundary rotation
induced HAGB. Obviously, these new segments of HAGBs will promote the formation of DRX nuclei
through their closed loop. Such DRX formation mechanism caused by the progressive sub-grain
rotation within the deformed grain is generally referred as continuous DRX (CDRX) [32–34]. Therefore,
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the emergence of HAGBs segments means the initial stage of CDRX nucleation. In addition, some fine
equiaxed grains can be observed around the original grain boundaries, except for a few clusters of
small grains around the particles within the grains (white arrows in Figure 6a), thus forming the typical
necklace structure. These fine grains are formed dynamically during the hot tensile deformation,
indicating the formation of DRX. However, the DRX region accounts for only ~7%. The average size of
the new grains is about 3.7 μm. It is referred that the growth of DRX grains is restricted due to the low
deformation temperature in spite of at a very low strain rate. The serrated original grain boundaries
can be easily observed in Figure 6a, and fine grains exist along these boundaries. This phenomenon is
generally associated with discontinuous DRX (DDRX) characterized by grain boundary bulging [35].
The nucleation sites of DDRX can be provided by the grain boundary bulging through strain-induced
grain boundary migration. Subsequently, the sub-boundaries with low misorientations caused by
dislocation rearrangement can be formed at the bottom of the bulging area, and then they continuously
absorb dislocations to increase their misorientations. Once HAGBs form from these LAGBs, the fine
DDRX grains will develop. In fact, DDRX will spread toward the center of the prior grain with increasing
the strain, and eventually swallow up the whole grain. However, under the current state, DDRX is
insufficient because of the low degree of deformation. Therefore, DRV characterized by sub-grain
formation and a small amount of DDRX play an important role in the microstructural evolution.

  

  
Figure 5. Cross-sectional microstructures of the fracture tips of the specimens after tensile tests at
different conditions: (a) 873 K and 1.7 × 10−4 s−1; (b) 1023 K and 1.7 × 10−4 s−1; (c) 1123 K and
1.7 × 10−4 s−1; (d) 1123 K and 1.7 × 10−2 s−1.
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Figure 6. Inverse pole figure (IPF)-coloring orientation map for the 0Cr18AlSi steel tested under different
deformation conditions: (a) 1.7 × 10−4 s−1 and 873 K; (b) 1.7 × 10−4 s−1 and 1023 K; (c) 1.7 × 10−4 s−1

and 1123 K; (d) 1.7 × 10−2 s−1 and 1123 K.

Figure 7. Misorientation profiles obtained along the lines marked in Figure 6a. (a) L1; (b) L2.

At 1023 K (Figure 6b), as expected, the extensive DRX can be observed. The degree of DRX
reaches 42%. Obviously, the DRX process is facilitated when the temperature increases from 873
to 1023 K at the strain rate of 1.7 × 10−4 s−1, and thus DRX becomes a main softening mechanism.
However, no necklace structure like the one in Figure 6a is observed, and numerous equiaxed grains
can be found. Meanwhile, sub-structures are formed in the deformed grains, especially near the
grain boundaries. The misorientation change across a typical deformed grain from left to right
is shown in Figure 8a. Similarly, this grain is divided into several well-defined sub-grains with
different misorientations. The cumulative misorientation exceeds 10◦ over the distance of 17–80 μm.
These sub-grain boundaries will easily develop into HAGBs with the increase of strain through the
progressive sub-grain rotation [36]. Many sub-grains have been partly surrounded by the HAGBs
(black arrows in Figure 6b), indicating the CDRX nucleation mechanism. Hence, the softening behavior
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at 1023 K is mainly controlled by DRV and CDRX. In addition, it is observed that the size of DRX grains
increases in comparison to that at 873 K. This is because the increased temperature provides a greater
driving force for migration of sub-grain/grain boundaries. Because of this, some new grains can still
be nucleated by the bend of the grain boundary. Figure 8b shows the misorientation change across a
special local bulging area from left to right, marked L4 in Figure 6b. The misorientation cumulates up
to 10◦ at the bottom of bulging area, indicating that a well-developed sub-grain boundary has formed.

 
Figure 8. Misorientation profiles obtained along the lines marked in Figure 6b. (a) L3; (b) L4.

At 1123 K (Figure 6c), it is seen that the area of DRX region is ~46%, which has a slight increase
when compared to that obtained at 1023 K. Coarse grains can be observed, and the average size of
DRX grains is increased to ~32 μm. However, the amount of sub-structures decreases significantly,
and therefore, the density of dislocations is reduced. Most of sub-boundaries are straight and regular,
indicating that DRV becomes sufficient because of high driving force for dislocations climb and
cross-slip [25]. The reduction of sub-structures accompanied with low dislocation density lowers the
amount of stored energy, and thus reducing the driving force for lattice rotation. It is inferred that
high temperature can contribute to the coalescence of sub-grains and the migration of sub-grain/grain
boundaries. Figure 9 shows the variation in misorientation across several sub-grains from left to right,
which reveals the development of sub-grain coalescence. From the lines L5 and L6, the misorientation
angles between grains A and B or D and E are less than 2◦, and the cumulative misorientations do
not exceed 5◦. This indicates that the adjacent grains gradually coalesce into a single grain through
rotating to reduce the misorientation. It is noted that some new equiaxed grains have been formed
on the boundaries of coarse grains (black arrows in Figure 6c). These new grains may be nucleated
through grain boundary bulging. However, they are very small in size, and thus results in a less
uniform microstructure. In summary, at high temperature of 1123 K, the effect of progressive sub-grain
rotation induced HAGBs is weakened, and CDRX caused by sub-grain coalescence becomes the main
mechanism of DRX.

Figure 9. Misorientation profiles obtained along the lines marked in Figure 6c. (a) L5; (b) L6.
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In order to analyze the strain rate effect on the microstructures during hot tensile deformation,
IPF-coloring orientation map of the studied steel deformed at a high strain rate of 1.7 × 10−2 s−1 with
1123 K are presented in Figure 6d. The elongated original grains contained sub-structures as evident
from the color variations can be observed, and a considerable HAGBs fragments are formed within
these deformed grains. In addition, the new recrystallized grains can be seen inside the grains. It is
inferred that these new grains nucleate through CDRX with the mechanism of sub-grain rotation.
The HAGBs fragments will be able to contribute the CDRX nucleation. However, the fraction of DRX
decreases to 38% as compared with that under the strain rate of 1.7 × 10−4 s−1. The DRX grain size
also decreases. The high strain rate can increase the dislocation density, and generate more stored
deformation energy [34,37]. Hence, the sub-grain rotation can be accelerated, leading to a quick
nucleation of DRX. However, the growth of new grains is restricted due to the insufficient time for the
migration of grain boundaries at the high strain rate. As a result, a finer microstructure is obtained.

The full grain boundary distribution corresponding to the Figure 6 is shown in Figure 10. Black and
green lines represent HAGBs and LAGBs respectively. It is clear that a large number of LAGBs composed
of dislocation-rich layers exist in the deformed grains at 873 K (Figure 10a,b). Interestingly, in large
deformed grains, the closer to the original HAGBs, the higher the density of sub-grain boundaries.
It can therefore be inferred that the area near original HAGBs has a high dislocation density. With
increasing the deformation temperature (Figure 10c–f), as expected, the fraction of LAGBs decreases,
while the fraction of HAGBs increases. This indicates that the dynamic softening accompanied with
CDRX is reinforced with the increase of temperature. However, at high temperature of 1123 K,
the fraction of sub-grain boundaries with misorientation angles less than 2◦ increases to 34%. This
is related to the decrease in the boundary misorientation caused by a large number of sub-grain
coalescence. In addition, according to Refs [38,39], the high fraction of 10–15◦ misorientation angles
in sub-structures means that it may produce more HAGBs from these LAGBs by sub-grain rotation.
For the strain rate of 1.7 × 10−4 s−1, the fractions of 10–15◦ misorientation angles at temperatures of
873, 1023, and 1123 K are 6%, 7% and 3.5%, respectively, which illustrates that the transition and
migration from LAGBs to HAGBs is reduced at 1123 K. Therefore, the sub-grain coalescence becomes
the main mode of CDRX gradually. With increasing the strain rate up to 1.7 × 10−2 s−1 at 1123 K
(Figure 10g,h), the distribution of sub-grain structure trends to uniform, which results in the fragment
of the original grains. A high fraction of LAGBs (45%) can be obtained, which is much higher than
that at 1.7 × 10−4 s−1. The presence of more sub-grains with LAGBs and segments of HAGBs in the
interiors of grains will be able to contribute the CDRX nucleation by sub-grain rotation.
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Figure 10. The distribution of grain boundary for the 0Cr18AlSi steel tested under different deformation
conditions: (a) and (b) 1.7 × 10−4 s−1 and 873 K; (c) and (d) 1.7 × 10−4 s−1 and 1023 K; (e) and (f)
1.7 × 10−4 s−1 and 1123 K; (g) and (h) 1.7 × 10−2 s−1 and 1123 K. Green lines correspond to boundaries
with low misorientation 2◦ < θ < 15◦, and black lines θ > 15◦ represent high-angle boundaries.
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Kernel average misorientation (KAM) maps corresponding to the Figure 6 are shown in Figure 11.
The KAM value can be recognized as an indicator of dislocation density. The higher the KAM value,
the higher the dislocation density. At 1.7 × 10−4 s−1 and 873 K (Figure 11a), it is observed that the
average KAM value is 1.27◦. At this stage, DRV, rather than DRX, is the dominant softening mechanism.
Furthermore, the high KAM values can be found in the areas surrounding the new DRX grains,
indicating that a high density of dislocation has formed in these areas. The limited deformation
between the adjacent new grains due to the high strain nearby the grain boundaries cannot offset the
stress concentration caused by dislocations pilling up, and as a result, the cavities can be induced.
This explains why the cavities preferentially nucleate nearby the original grain boundaries where
DRX apparently takes place (Figure 6a). The high density of spherical cavities can be responsible for
the low ductility and the significant necking. The average KAM value decreases with increasing the
deformation temperature (Figure 11b,c), 0.40◦ for 1023 K and 0.37◦ for 1123 K. The dislocation density
decreases significantly due to DRX, resulting in an obvious decrease in strength during the hot tensile
process. However, a slight decrease in KAM value is observed at 1123 K, which is attributed to limited
increase of DRX and sufficient DRV, thus leading to the slow decrease of flow stress in the range of
1023–1123 K. Moreover, at 1123 K, the area on the side of the bulging for new grains nucleated at the
original grain boundaries has a relatively high KAM value. The deformation incompatibility in this
area due to large difference in grain size generally can provide the sites for the nucleation of cavities
(Figure 5c). The coarse grains caused by fast migration of boundaries and uneven grain distribution
lead to the decrease of ductility. Figure 11d shows the effect of strain rate on the KAM value. It is
found that the density of dislocations is increased at 1.7 × 10−2 s−1, and the average KAM value is
0.53◦, which is slightly higher than that at 1.7 × 10−4 s−1. The distribution of KAM value is relatively
uniform. Therefore, the strength of the studied steel is increased.

 

Figure 11. Kernel average misorientation (KAM) maps for the 0Cr18AlSi steel tested under different
deformation conditions: (a) 1.7 × 10−4 s−1 and 873 K; (b) 1.7 × 10−4 s−1 and 1023 K; (c) 1.7 × 10−4 s−1

and 1123 K; (d) 1.7 × 10−2 s−1 and 1123 K.
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3.4. Kinetic Analysis

The hot tensile flow behavior of the 0Cr18AlSi steel can be presented through the correlation
among true stress, deformation temperature and strain rate, which is generally expressed by the
Arrhenius type equation [40,41]:

.
ε = Aσn exp

(
− Q

RT

)
, (1)

where
.
ε the strain rate (s−1), A a constant (s−1), σ the true stress (MPa), n the stress exponent, Q the

deformation activation energy (kJ·mol−1), R the universal gas constant (8.314 J mol−1 K−1), and T the
temperature in K.

In Equation (1), the stress exponent and the deformation activation energy are considered to be
the significant parameters with physical meaning. The stress exponent correlates the high temperature
deformation mechanism, while the deformation activation energy reflects how the temperature affects
the kinetics or the rate of the process, i.e., diffusion. In order to estimate the n value of the 0Cr18AlSi
steel at the current state, Equation (1) can be rewritten in the following expression:

ln σ =
ln

.
ε

n
+

Q
nRT

− lnA
n

. (2)

Here, the stable true stresses are taken from the flow curves. Remarkably, the n value can
be obtained from the reciprocal of the slope of the linear regression line in the lnσ–ln

.
ε plot at a

particular temperature. In fact, such slope of the regressive line, the reciprocal of the stress exponent,
represents strain rate sensitivity (m, m = 1/n). Ideally, a larger m value indicated a larger ductility
and higher necking resistance [40]. Figure 12a shows the correlation between the flow stress and
strain rate in a natural log. It is clear that at the low temperature of 873 K, m has the lowest value
(~0.12), indicating a low ductility, which is consistent with the results in Figure 3c. While increasing
the temperature, the value of m rises first and then declines. The maximum m value (~0.19) can be
obtained at temperatures between 1023 and 1073 K. After averaging the m values, the stress exponent
is estimated to be 5.9. It is accepted that, when n = 4–6, the motion of dislocations controlled by climb
would be the dominant deformation mechanism [42].

Figure 12. Plots of lnσ–ln
.
ε (a) and lnσ–1/T (b) for the 0Cr18AlSi steel.

Similarly, for a particular strain rate, the partial derivatives from both sides of Equation (2) are
taken to 1/T, Q can be expressed as:

Q = nR
[
∂ ln σ
∂(1/T)

]
.
ε

= nRS, (3)

where S the slope of lnσ–1/T plot at various strain rates, as shown in Figure 12b. The Q value of the
present steel is calculated to be 355 kJ·mol−1. This value is found to be much higher than the activation
energy of self-diffusion in α–Fe (239 kJ/mol) [43], indicating that the softening mechanism of the
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0Cr18AlSi steel at high temperatures is controlled by DRV and DRX rather than diffusion. However,
it is lower than the previously determined values of 385 kJ/mol for high purity 17Cr ferritic stainless
steel [44], 405 kJ/mol for 21Cr ferritic stainless steel [45], or 424 kJ/mol for Ti and Nb containing 17Cr
ferritic stainless steel [46]. Such relatively low deformation activation energy for the 0Cr18AlSi steel
means that the movement of dislocations, such as climbing of edge dislocations and cross-slipping of
screw dislocations, only requires a small driving force during hot deformation. Therefore, DRV and
DRX occur more easily in comparison with the above conventional ferritic stainless steels.

4. Conclusions

The hot tensile tests were conducted at temperatures ranging from 873 to 1123 K and strain rates of
1.7 × 10−4–1.7 × 10−2 s−1 for the 0Cr18AlSi ferritic stainless steel. The tensile properties and mechanism
of microstructural evolution were investigated. The main results are as follows:

(1) The maximum elongation to fracture can be obtained at 1023 K for the strain rates of 1.7 × 10−3

and 1.7 × 10−2 s−1. The temperature for the maximum elongation to fracture is delayed to 1073 K
when decreasing the strain rate to 1.7 × 10−4 s−1. The decrease in necking deformation resistance
caused by fast migration of boundaries and uneven grain distribution results in the low ductility
at high temperature of 1123 K.

(2) At low temperature, DRV dominates the softening process though a small number of DDRX
occurs. As increasing the temperature, the flow softening by CDRX is reinforced due to the
acceleration of rotation and coalescence of sub-grains. The main reason of ductility decrease at
high temperature and low strain rate is the grain coarsening and the deformation discordance
between small new DRX grains and coarse grains.

(3) The stress exponent and the deformation activation energy are 5.9 and 355 kJ·mol−1 respectively.
The dominant deformation mechanism is the dislocations motion controlled by climb.
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Abstract: This work has focused on the study of hot working behavior of Ti-Nb microalloyed steels
with high Ti contents (> 0.05%). The role of Nb during the hot deformation of low carbon steels is well
known: it mainly retards austenite recrystallization, leading to pancaked austenite microstructures
before phase transformation and to refined room temperature microstructures. However, to design
rolling schedules that result in properly conditioned austenite microstructures, it is necessary to
develop models that take into account the effect of high Ti concentrations on the microstructural
evolution of austenite. To that end, in this work torsion tests were performed to investigate the
microstructural evolution during hot deformation of steels microalloyed with 0.03% Nb and different
high Ti concentrations (0.05%, 0.1%, 0.15%). It was observed that the 0.1% and 0.15% Ti additions
resulted in retarded softening kinetics at all the temperatures. This retardation can be mainly
attributed to the solute drag effect exerted by Ti in solid solution. The precipitation state of the
steels after reheating and after deformation was characterized and the applicability of existing
microstructural evolution models was also evaluated. Determined recrystallization kinetics and
recrystallized grain sizes reasonably agree with those predicted by equations previously developed
for Nb-Ti microalloyed steels with lower Ti concentrations (<0.05%).

Keywords: high Ti steels; Nb microalloying; recrystallization kinetics; strain-induced precipitation

1. Introduction

The steel industry is under continuous pressure to improve the mechanical properties of steel while
simultaneously decreasing its price. Due to this, there is a permanent need for the development of new
steel compositions, and when possible, adapted processing parameters. In low carbon steels, tailored
mechanical properties can be obtained by adding microalloying elements, such as Nb, V or Ti. Nb leads
to retarded softening kinetics during hot deformation [1–3]. As a result, if adequately designed rolling
strategies are applied, deformed austenite microstructures before phase transformation and refined
room temperature microstructures with improved mechanical strength can be obtained [4–6]. Ti,
in conventional concentrations (<0.025%), results in the formation of TiN precipitates at very high
temperatures, even during solidification. Models have been developed to predict the amount of these
precipitates in both binary and multicomponent alloys [7–9]. If adequate in size and volume fraction,
these precipitates can prevent austenite grain growth during reheating and after recrystallization and
also provide room temperature microstructural refinement [10]. V is added due to the nanometer-sized
precipitates that are formed during and/or after phase transformation, which results in precipitation
hardening [11]. To some extent, Ti and Nb can also lead to a similar effect [12–14]. In the case of Ti, the
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large hardening potential of high Ti additions (>0.05%) that occur due to precipitation during or after
phase transformation has been long known [15], although this has not been conventionally applied at
industrial scale.

However, over the last years, the use of high Ti additions has attracted increasing interest. Many
works have investigated the mechanical properties of these types of steels and shown that it is possible
to produce high precipitation hardening contributions and yield strength values over 700 MPa [16].
High Ti additions are typically used in combination with other microalloying elements, such as Mo, V
or Nb [17–19]. In a previous work, very high precipitation hardening contributions, over 300 MPa, were
estimated for a 0.1% Ti–0.03% Nb steel at some of the coiling simulation conditions investigated [20].
This suggests that high Ti-Nb microalloying can be an interesting alternative to achieve steels with
very high mechanical strength. In good agreement with these results, yield strengths of 700 MPa have
been reported for industrially produced high Ti-Nb microalloyed steels [21].

However, in addition to the effect of precipitation, another factor to consider for high Ti-Nb steels is
the supplementary grain size hardening effect that can be attained if pancaked austenite microstructures
are obtained before phase transformation. Microstructural evolution models can be a good tool for
evaluating and designing rolling schedules that result in such austenite conditioning. However, to
use the models, it is necessary to have experimental data and develop equations that consider the
effect that Ti and Nb have on the austenite microstructure evolution. Many works have studied the
effect of these elements on the austenite recrystallization, grain growth or strain-induced precipitation
kinetics [1–3,22,23]. However, most of them have focused on conventional Ti additions, while the data
on high Ti steels is very scarce and mostly concentrated on the study of TiC precipitation during hot
deformation. For instance, Akben et al. [24] investigated the effect of Mn on the dynamic precipitation
kinetics of 0.1%Ti steels, while Liu et al. [25,26] and Wang et al. [27,28] analyzed the strain-induced
precipitation behavior of different high Ti steels. However, none of these works considered high Ti-Nb
microalloying combinations. It is necessary to take into account that, even for conventional additions,
complex interactions have been observed in the precipitate dissolution behavior or precipitation
kinetics when both Nb and Ti are present [29]. In the presence of Ti and Nb, it has been observed that
they are mutually soluble and the precipitation of coarse particles starts at very high temperatures
as (Ti,Nb)N. Okaguchi et al. [30] provided some data on the composition of undissolved precipitates
in high Ti-Nb steels and studied the strain-induced precipitation kinetics of a 0.05% Ti–0.02% Nb
steel. However, information about the effect of high Ti on other austenite microstructural evolution
mechanisms, such as recrystallization or austenite grain growth, is scarcer. Taking this into account,
the aim of this work was to characterize the austenite microstructure evolution processes that occur
during hot deformation in 0.03% Nb microalloyed steels with high Ti concentrations (0.05%, 0.1%,
0.15%). Different types of torsion tests were performed to study the recrystallization kinetics in these
steels. In addition, quenched samples were characterized to analyze the recrystallized microstructures,
the grain growth kinetics and the morphology of the precipitates present after reheating and after
deformation. The applicability of available microstructural evolution models for these steels was
also considered.

2. Materials and Methods

The composition of the steels investigated is detailed in Table 1. All of them were laboratory-casted
in a vacuum induction melting furnace and contain similar C, Mn and residual element levels.
Aluminium and Sulphur were added in an industrially relevant level. The compositions include a
reference plain C-Mn steel (Ti0Nb0), a 0.03% Nb microalloyed steel (Ti0Nb3), and three steels with the
same 0.03%Nb level, and different high Ti concentrations of 0.05%, 0.1% and 0.15% (Ti5Nb3, Ti10Nb3
and Ti15Nb3 steels, respectively).

82



Metals 2020, 10, 165

Table 1. Chemical composition of the steels investigated in this work (wt.%).

Steel C Mn Nb Ti P S Al Si Cr Ni N

Ti0Nb0 0.058 1.82 0.001 0.001 0.020 0.003 0.019 0.011 0.019 0.006 0.0064

Ti0Nb3 0.059 1.79 0.033 0.003 0.020 0.003 0.036 0.026 0.013 0.005 0.0036

Ti5Nb3 0.058 1.81 0.033 0.044 0.020 0.004 0.024 0.012 0.019 0.006 0.0064

Ti10Nb3 0.059 1.80 0.034 0.091 0.021 0.003 0.036 0.016 0.017 0.006 0.0054

Ti15Nb3 0.059 1.82 0.033 0.139 0.021 0.003 0.040 0.014 0.016 0.006 0.0054

To study their hot deformation and microstructural evolution behavior, different types of torsion
tests were performed. The specimens were a reduced central gauge section of 16.5 mm in length
and 7.5 mm in diameter. A schematic representation of the thermomechanical schedule used in
the tests is shown in Figure 1. In all cases, a soaking treatment was applied at 1250 ◦C for 10 min.
To determine the softening kinetics, double-hit torsion tests were carried out. In some of the tests
(type I in Figure 1), after reheating, the samples were cooled directly to the deformation temperature,
where two deformation passes (ε1 and ε2 = 0.1) with different interpass times (tip) between them were
applied. In the rest of the tests (type II in Figure 1), a roughing deformation pass with ε = 0.35,

.
ε =

1s−1 was first applied at 1100 ◦C, followed by a holding time that was determined to result in a fully
recrystallized microstructure. The aim was to obtain refined initial austenite microstructures, more
representative of those present during hot rolling. In the double-hit tests, both deformation passes
were applied at constant temperature and strain rate conditions. The range of deformation parameters
used was: ε1 from 0.1 to 0.35, strain rate from 1 s−1 to 5 s−1 and deformation temperatures from 1150
◦C to 850 ◦C. The fractional softening was determined using the 2% offset method, which is reported
as the method that most accurately excludes the effect of recovery in the absence of strain- induced
precipitation [31,32].

ε ε

ε ε

ε

ε

Figure 1. Thermomechanical cycles employed in the double-hit torsion tests and quenching treatments
performed for microstructural analysis.

To analyze the initial microstructure present before the tests, samples were quenched after
reheating and cooling to 1100 ◦C. Samples were also quenched before applying the second deformation
pass of the double-hit torsion tests at different conditions: after holding times corresponding to t0.95

(time for 95% fractional softening) to analyze the recrystallized microstructures, at longer times to
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analyze the austenite grain growth behavior (t0.95 + 50 s and + 250 s), or at shorter or longer times to
investigate the strain-induced precipitation evolution.

Metallographic measurements were performed on a section corresponding to 0.9 of the outer
radius of the torsion specimen, also known as the sub-surface section. Bechet-Beaujard etching [33] was
used to reveal the previous austenite grain boundaries in the quenched samples. The etched samples
were examined via optical microscopy, and austenite grain size measurements were performed in terms
of the mean equivalent diameter (MED). To analyze the coarsest precipitates, some specimens were also
examined via optical microscopy or by field-emission gun scanning electron microscopy (FEG-SEM,
JEOL JMS 7100F, JEOL Ltd., Tokyo, Japan) after conventional mechanical polishing. To examine the
smallest precipitates, carbon extraction replicas were prepared and examined using a transmission
electron microscope operated at 200 kV with a LaB6 filament (TEM Jeol 2100, JEOL Ltd., Tokyo, Japan).
To prepare the carbon replica, the quenched samples were polished following standard metallographic
techniques and etched with 2% Nital (2% nitric acid in ethanol). Next, a carbon film was deposited
onto the samples and cut into � 2 mm squares. The replicas were extracted by etching the samples
again in Nital solutions with variable concentration and collected using Ni or Cu grids.

3. Results

3.1. Initial Precipitation and Microstructural State

The presence of coarse undissolved precipitates was first analyzed using optical microscopy in
the high Ti specimens quenched for initial microstructure analysis. An example of the micrographs
obtained for the Ti5Nb3 steel is shown in Figure 2. A significant number of coarse particles, in the size
range of μm, can be detected. While some correspond to inclusions, precipitates containing Ti can be
distinguished in the micrograph due to their characteristic orange contrast (see particles marked with
arrows). The optical micrographs obtained for the rest of the high Ti steels showed similar features, and
no significant differences were observed between the Ti5Nb3, Ti10Nb3 and Ti15Nb3 samples regarding
precipitate amount or size.

 
Figure 2. Examples of the large precipitates observed by optical microscopy in the Ti10Nb3 steel
quenched after reheating for initial microstructural analysis.

To characterize the nature of these coarse precipitates in more detail, a FEG-SEM analysis was
performed. Although in some cases the particles were identified only as TiN, in most of the cases
different constituents were detected. Figure 3 shows a representative example of the precipitates found
in the Ti5Nb3 and Ti10Nb3 steel samples. In the particles, a rounded area with dark contrast can be
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observed (Energy-dispersive spectroscopy analysis (EDS) number 1 in Figure 3). The EDS analysis
shows that this is most likely Al2O3. The cube-shaped lighter contrast areas were identified as TiN
(EDS number 3) and round lighter contrast areas were MnS (EDS number 2) co-precipitates. In the
EDS of the TiN precipitates (number 3), a low Nb signal can also be detected.

  

(a) (b) 

  
(c) (d) 

Figure 3. (a) Example of a Ti-complex precipitate observed by field-emission gun scanning electron
microscopy (FEG-SEM) in the Ti5Nb3 sample quenched for initial microstructure analysis and (b–d),
corresponding EDS analysis.

In the case of the Ti15Nb3 steel, precipitates with similar morphology were also found. However,
in most cases, instead of MnS, the rounded areas were found to be rich in Ti and S. In addition, large
particles containing only Ti and S were also found dispersed in the matrix for this steel.

Examples of the TEM results for the carbon extraction replicas extracted from the specimens
quenched after soaking are shown in Figure 4. Nanometer-sized precipitates could be found dispersed
in the replicas of all the microalloyed steels analyzed, even in the case of the Ti0Nb3 steel. From the
EDS, it can be observed that in all cases the precipitates contain Ti and some Nb (the Cu and Ni signals
are due to the grid used to support the replicas and the C signal can be due to both the replica and the
precipitates and their contributions cannot be separated). In the Ti0Nb3 steel, since the Ti content is
residual and the N level lower, the presence of these Nb-Ti precipitates was less expected. In good
agreement with this, the precipitate amount was much lower than in the rest of the high Ti replicas
analyzed. In addition, average precipitate size for this steel (D = 71 ± 10 nm) was smaller than for
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the rest of the high Ti steels (D = 131 ± 7 nm, 135 ± 15 nm and 138 ± 8 nm for the Ti5Nb3, Ti10Nb3,
Ti15Nb3 steels, respectively).

  
(a) 

  
(b) 

 
 

(c) 

Figure 4. Examples of Nb-Ti precipitates found in the replicas extracted from the initial microstructure
and corresponding EDS analysis. (a) Ti0Nb3 steel, (b) Ti5Nb3 steel, (c) Ti15Nb3 steel.

For the high Ti steels, although very similar precipitate sizes were measured, greater precipitate
size heterogeneity was observed for the Ti10Nb3 and Ti15Nb3 steels. In addition, as shown in Figure 4,
the precipitates tend to have a more rounded shape in the Ti10Nb3 and Ti15Nb3 steels, while in the
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Ti5Nb3 steel the shape is more cubic/rectangular. Although the precipitate density in the replicas was
not measured, it must be mentioned that the amount of precipitates found in the Ti10Nb3 replicas
was lower than in the Ti5Nb3 and Ti15Nb3 ones. Finally, in the case of the Ti10Nb3 and Ti15Nb3
steels, particles containing S and Ti could also be detected. Although in some cases these could be
identified as S and Ti co-precipitates on Nb-Ti undissolved precipitates, these were mainly found as
individual particles (see Figure 5) and in some cases, some Nb was detected in their composition.
The size distribution of both the Nb-Ti- and S-containing precipitates overlap, and it can be difficult to
distinguish them without EDS analysis.

 
Figure 5. S-, Nb- and Ti- containing precipitate found in the carbon replicas extracted from the Ti10Nb3
specimen quenched for initial microstructure analysis.

The grain size was measured from specimens quenched after reheating and after application
of the roughing pass using Bechet-Beaujard etching [33]. The results are summarized in Table 2.
After reheating, similar austenite grain sizes of 230–240 μm were measured for the Ti0Nb0 and Ti0Nb3
steels. This indicates that the amount of undissolved Nb-Ti precipitates detected for Ti0Nb3 was too
low to prevent grain growth during reheating, although some improvement in grain size homogeneity
was observed in the latter. For the Ti5Nb3 and Ti15Nb3 steels, some grain refinement was observed,
which could be attributed to the pinning effect exerted by the smallest undissolved precipitates [10].
On the other hand, this was not observed for the Ti10Nb3 steel, which is in good agreement with the
lower density of the nanometer-sized undissolved precipitates observed in the replicas for this steel.
After the roughing pass, the average grain sizes decreased in all cases, and differences between the
steels can also be observed. It is worth noting the significant grain size refinement obtained for the
Ti0Nb3 steel, while the coarsest grain size corresponds again to the reference Ti0Nb0.

Table 2. Average austenite grain sizes measured for samples quenched for initial microstructure
analysis before and after roughing pass application.

Condition Ti0Nb0 Ti0Nb3 Ti5Nb3 Ti10Nb3 Ti15Nb3

Grain size after Reheating (μm) 230 ± 15 241 ± 12 163 ± 8 258 ± 4 193 ± 10

Grain size with Roughing (μm) 126 ± 4 88 ± 4 70 ± 2 114 ± 4 96 ± 3

3.2. Softening Kinetics

Figure 6 shows examples of the fractional softening data obtained for the all the steels at constant
strain and strain-rate conditions (ε = 0.35,

.
ε = 1 s−1) in tests carried out after the application of a

roughing pass. For the Ti0Nb0 steel at all temperatures, for the Ti5Nb3 steel at temperatures from
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1100 to 950 ◦C, and for the rest of the steels from 1100 to 1050 ◦C, the fractional softening follows a
sigmoidal shape and can be fitted to an Avrami curve of the type:

FS = 1− exp
(
−0.693

(
t

t0.5

)n)
(1)

where FS is the fractional softening corresponding to a time t, t0.5 is the time to reach a 50% fractional
softening and n is the Avrami exponent. At lower temperatures, the behavior varies depending on
the steel considered. For the Ti0Nb3 steel at 950 ◦C and 900 ◦C (Figure 6b) and for the Ti15Nb3 steel
at 900 ◦C (Figure 6e), softening stagnations, or plateaux, which are usually related to the onset of
strain-induced precipitation [2,23], are detected. In the rest of the cases, although a larger softening
retardation is observed relative to higher temperatures, the softening increases continuously as the
interpass time increases within the time range investigated.

Examples of the effect of strain and of roughing pass application are illustrated in Figure 7. As is
usually reported, increasing strain results in faster softening kinetics. The same is observed with the
application of a roughing pass, due to initial microstructure refinement, although the effect is lower
than it is for increasing strain. Similar trends were observed for the rest of the steels investigated.

Examples of the effect of steel composition on the softening kinetics at similar deformation and in
high temperature conditions are illustrated in Figure 8. It can be observed that in both cases, the Ti0Nb0
steel showed the fastest softening kinetics, followed by Ti5Nb3 and then Ti0Nb3. The slowest softening
kinetics correspond to the Ti10Nb3 and Ti15Nb3 steels. For the Ti0Nb0 steel, the initial austenite grain
sizes were determined to be coarser than or in the same range of those measured for Ti0Nb3 (Table 2).
Since coarser initial microstructures are known to delay the recrystallization kinetics [3], the softening
retardation observed for Ti0Nb3 compared to Ti0Nb0 can only be explained due to the solute drag
exerted by Nb [1–3,23]. On the other hand, for the Ti5Nb3 steel, the initial microstructure is slightly
finer than for Ti0Nb3. Although the difference is very small after roughing, refinement of the initial
microstructure can contribute to the acceleration of the softening kinetics observed for the Ti5Nb3 steel
compared to Ti0Nb3. Additionally, a decrease in the Nb content in solid solution due to its presence
in undissolved precipitates in Ti5Nb3 (Figure 4) could also contribute to this acceleration. On the
other hand, for the Ti10Nb3 and Ti15Nb3 steels a higher amount of Ti in solid solution can explain the
softening retardation observed for both.

The softening curves determined for all steels at lower temperatures of 950 ◦C and 900 ◦C are
compared in Figure 9. It can be observed that at 950 ◦C, for the Ti0Nb0 and Ti5Nb3 steels, the softening
curve also follows a sigmoidal shape. For the Ti0Nb3 steel a plateau, which is usually considered to
be caused by strain-induced precipitation start, is observed at � 180 s. For the Ti10Nb3 and Ti15Nb3
steels, in contrast, there are no clear plateaux. However, the very retarded softening kinetics are similar
to what is observed for Ti0Nb3. At 900 ◦C, for the Ti5Nb3 steel, a very slow but continuous increase
in softening is observed within the interpass time range investigated. For the Ti0Nb3, Ti5Nb3 and
Ti15Nb3 steels, the softening is more retarded and tends to saturate at 20–30% levels up to interpass
times as long as 1000 s.
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(a) (b) 

 
(c) (d) 

 
(e) 

Figure 6. Softening curves obtained for the steels investigated at constant strain and strain-rate
conditions (ε = 0.35,

.
ε = 1 s−1) and different temperatures after roughing pass application. (a) Ti0Nb0

steel, (b) Ti0Nb3 steel, (c) Ti5Nb3 steel, (d) Ti10Nb3 steel and (e) Ti15Nb3 steel.
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(a) (b) 

Figure 7. Examples of the effect of strain and of initial microstructural refinement on the softening
curves. (a) Ti10Nb3 steel, T = 1100 ◦C, roughing pass applied,

.
ε = 1 s−1 and (b) Ti10Nb3 steel, T = 1100

◦C, ε = 0.35,
.
ε = 1 s−1.

 
(a) (b) 

Figure 8. Effect of steel composition on the softening curves at high temperatures, roughing pass
applied, ε = 0.35,

.
ε = 1 s−1. (a) T = 1100 ◦C, (b) 1050 ◦C.

(a) (b) 

Figure 9. Softening kinetics for the steels investigated at low temperatures, roughing pass applied, ε =
0.35,

.
ε = 1 s−1. (a) T = 950 ◦C, (b) 900 ◦C.
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3.3. Strain-Induced Precipitation Behavior

From the softening data, it is difficult to accurately determine the start time for strain-induced
precipitation, especially for the high Ti steels. Therefore, to study the precipitation behavior of these
steels, quenching treatments were performed for all the microalloyed steels after deformation at 900 ◦C
(roughing pass applied, ε = 0.35,

.
ε = 1 s−1) and interpass times of 100 s and 1000 s (fractional softening

results corresponding to these conditions are shown in Figure 9b). For Ti0Nb3, an additional quenching
treatment was performed at similar deformation conditions for 950 ◦C, t = 180 s (time for plateau start,
Figure 9a). An analysis of the carbon extraction replicas prepared from this specimen showed the
presence of some Nb strain-induced precipitates with an average size of D = 15.5 ± 1.8 nm. Although
these were scarce and found to be heterogeneously distributed, the presence of these particles suggests
that the plateau observed at 950 ◦C could be related to strain-induced precipitation start.

Regarding the 900 ◦C condition, for the Ti5Nb3 steel, strain-induced precipitates were not detected
at neither at 100 or 1000 s holding times. However, as Figure 10 shows, the co-precipitation of Nb-rich
caps on the undissolved precipitates was observed in the replicas extracted from this steel.

 
(a) 

 
(b) (c) 

Figure 10. (a) Example of Ti-Nb undissolved precipitate with Nb-Ti co-precipitate observed in the
Ti5Nb3 900 ◦C-1000 s sample and, (b,c) corresponding EDS analysis.

For the Ti10Nb3 and Ti15Nb3 steels, some co-precipitation was also observed on the undissolved
precipitates, while for the Ti0Nb3 steel this was more difficult to evaluate since a low number of
undissolved precipitates was detected. However, more homogeneously distributed strain-induced
precipitates could be observed in all the Ti0Nb3, Ti10Nb3 and Ti15Nb3 samples analyzed.

Figure 11 shows examples of the precipitation state and an EDS analysis observed for the 100 s
condition for the three steels. Additionally, while very fine Nb-containing precipitates (D = 7.2 nm)
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were detected for the Ti0Nb3, for both the Ti10Nb3 and Ti15Nb3 steels, the precipitates were coarser (D
� 15–16 nm) and both Nb and Ti could be clearly detected in their composition. It must be mentioned
that in carbon extraction replicas the smallest precipitates may not be extracted [12], although in the
case of Figure 11a precipitates as small as 3.3 nm have been measured.

 
 

( ) 

  
(b) 

  
(c) 

Figure 11. Strain-induced precipitates detected in the carbon replicas after deformation at 900 ◦C and
corresponding EDS analysis (tests performed with roughing, ε = 0.35,

.
ε = 1 s−1 and 100 s holding time).

(a) Ti0Nb3 steel, D = 7.2 ± 0.2 nm, (b) Ti10Nb3 steel, D = 15.0 ± 0.4 nm, (c) Ti15Nb3 steel, D = 16.0 ±
0.5 nm.
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Figure 12 summarizes the precipitate size distributions measured after deformation at the same
temperature, but with a longer holding time of 1000 s. The EDS analysis showed no significant changes
in the composition of the precipitates compared to the ones extracted after 100 s. However, it can be
observed that for all the steels, the precipitate size increases during the interpass time. Nevertheless,
while precipitate size growth is quite limited for the Ti0Nb3 steel (D increases from 7 to 13 nm), this is
much larger for the Ti15Nb3 (D from 16 to 33 nm) and especially the Ti10Nb3 steel (D from 16 to 52
nm).

Figure 12. Precipitate size distributions measured for the Ti0Nb3, Ti10Nb3 and Ti15Nb3 steels in
samples quenched after deformation at 900 ◦C (roughing pass applied, ε = 0.35,

.
ε = 1 s−1) and 1000 s

holding time.

3.4. Recrystallized Grain Size

Figure 13 shows examples of the recrystallized microstructures obtained from the Ti0Nb3 and
Ti5Nb3 steels at T = 1100 ◦C and 1150 ◦C,

.
ε = 1 s−1 in specimens quenched at t0.95. The micrographs

were obtained after reheating and applying different deformation conditions: a single deformation pass
of ε = 0.35 at 1100 ◦C in the case of Figure 13a,b, a single deformation pass of ε = 0.15 at 1100 ◦C–1150
◦C in Figure 13c,d, and a roughing pass plus a deformation pass of ε = 0.35 at 1100 ◦C in Figure 13e,f.
As expected, equiaxed austenite microstructures are obtained in all cases. When considering the effect
of deformation conditions, similar behavior is observed for both steels: the application of a single
deformation pass of ε = 0.35 leads to significant microstructural refinement of the initial as-soaked
microstructure (from 241 to 88 μm for Ti0Nb3 and from 163 to 64 μm for Ti5Nb3). On the other hand,
when a lower strain level of ε = 0.15 is applied, for both steels the grain size remains approximately
constant or even slightly increases for the Ti0Nb3 steel. Finally, the application of another ε = 0.35
deformation pass also results in some grain size refinement (from 88 to 65 μm for the Ti0Nb3 and from
70 to 56 μm for the Ti5Nb3 steel), although the effect is less marked than when the coarser as-soaked
microstructure was deformed.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 13. Examples of recrystallized austenite microstructures obtained at different deformation
conditions. (a) dSRX = 88 ± 4 μm, (b) dSRX = 70 ± 2 μm, (c) dSRX = 256 ± 4 μm, (d) dSRX = 162 ± 9 μm,
(e) dSRX = 65 ± 4 μm, (f) dSRX = 56 ± 1 μm.

Table 3 summarizes the recrystallized grain size (dSRX) measurements performed at the different
conditions under study, together with the initial austenite grain size (D0) and deformation conditions
employed in the tests. The trends are similar for all the steels investigated: applying deformation
levels of ε = 0.35 led to microstructural refinement, while lower levels of ε = 0.15 led to similar or
slightly larger austenite grain sizes. The results obtained for the Ti0Nb3 steel after a roughing pass
show that, as is usually reported, modifying the deformation temperature from 1100 to 1050 ◦C does
not significantly affect the recrystallized grain size. Similarly, data corresponding to the Ti5Nb3 at ε =
0.35 and without a roughing pass shows a small effect on variation in strain-rate from 1 to 5 s−1.
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Table 3. Experimental dSRX determined at different deformation conditions.

Steel ε
D0

(μm)
Tdef
(◦C)

.
ε

(s−1)

dSRX
(μm)

Steel ε
D0

(μm)
Tdef
(◦C)

.
ε

(s−1)

dSRX
(μm)

Ti0Nb0

0.35 230 ± 15 1100 1 126 ± 4

Ti5Nb3

0.35 163 ± 8 1100 1 70 ± 2

0.35/0.35 126 ± 4 1100 1 62 ± 1 0.35 163 ± 8 1100 5 64 ± 2

0.35/0.35 126 ± 4 1050 1 70 ± 2 0.15 163 ± 8 1150 1 162 ± 9

Ti0Nb3

0.35 241 ± 12 1100 1 88 ± 4 0.35/0.35 70 ± 2 1100 1 56 ± 1

0.15 241 ± 12 1100 1 256 ± 14
Ti10Nb3

0.35 258 ± 4 1100 1 114 ± 4

0.35/0.35 88 ± 4 1100 1 65 ± 2 0.35/0.35 114 ± 4 1100 1 79 ± 2

0.35/0.35 88 ± 4 1050 1 69 ± 2
Ti15Nb3

0.35 193 ± 10 1100 1 96 ± 3

- - - - - - 0.35/0.35 96 ± 3 1100 1 81 ± 2

- - - - - - 0.35/0.15 96 ± 3 1100 1 131 ± 7

3.5. Grain Growth Behavior

Figure 14 shows examples of microstructures quenched at t0.95 or at longer holding times (t0.95 + 50
s or 250 s) to study the grain growth behavior. The microstructures correspond to the Ti0Nb0, Ti0Nb3
and Ti15Nb3 steels and a constant holding temperature of 1100 ◦C. For Ti0Nb0, as time increases,
a significant grain size increase is observed, from 62 to 120 μm after 250 s holding time. For the
Ti0Nb3, grain growth is more limited, from 65 to 105 μm, and for the Ti15Nb3, the grain size remains
approximately constant at � 85 μm.

   
(a) (b) (c) 

   
(d) (e) (f) 

   
(g) (h) (i) 

Figure 14. Examples of recrystallized microstructures quenched at t0.95 (T = 1100 ◦C, ε = 0.35,
.
ε = 1

s−1) or after t0.95 and longer holding times of 50 s and 250 s for the Ti0Nb0, Ti0Nb3 and Ti15Nb3 steels.
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4. Discussion

4.1. Initial Microstructural and Precipitation State

To further understand the precipitation sequence at the conditions investigated, calculations were
performed using the Thermo-Calc software (version 2017a, Thermo-Calc software, Solna Sweden) [34]
(Thermo-Calc Software TCFE8 Steels/Fe-alloys database [35]). Table 4 summarizes the amount of Nb
and Ti in solid solution predicted by the software at 1250 ◦C in the austenite phase, and in Figure 15
the Ti concentration present in each of the equilibrium phases (in wt.%) is plotted as a function of
temperature for the high Ti steels. The table shows that for all the steels, Nb is expected to be in solid
solution after soaking. With regard to Ti, the situation is more complex. As observed in Figure 15,
in addition to the austenite, it is predicted that at 1250 ◦C some Ti will be present in three other
phases: Ti4C2S2, N-rich fcc precipitates and C-rich fcc precipitates. As a result, at 1250 ◦C, only slightly
less than half of the nominal Ti concentration is calculated to be in solid solution in the austenite at
equilibrium conditions.

Table 4. Amount of Nb, Ti in solid solution in austenite (wt.%) at 1250 ◦C for the microalloyed steels
calculated using Thermo-Calc software [34,35].

Microalloying Element Ti0Nb3 Ti5Nb3 Ti10Nb3 Ti15Nb3

Nb(%) 0.033 0.033 0.034 0.032

Ti (%) 0.001 0.012 0.044 0.073

 
(a) (b) 

 
(c) 

Figure 15. Amount of Ti (wt.%) in each of the phases at equilibrium conditions calculated with
Thermo-Calc software [34,35] for the high Ti steels. (a) Ti5Nb3, (b) Ti10Nb3, (c) Ti15Nb3.
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For Ti0Nb3 steel, in contrast to the Thermo-Calc predictions, some Nb-Ti precipitates were found.
However, these were scarce, only found via TEM, small in size (D = 71 nm) and were probably related
to the presence of some residual Ti content in the steel. This means that the amount of Nb in these
scarce precipitates is expected to be very low or even negligible.

On the other hand, for the high Ti steels a large number of precipitates, with a wide range of sizes
from microns to several nanometers, were detected. This reduces the amount of Ti in solid solution in
austenite that is available for further precipitation, which is in good agreement with the predictions of
Thermo-Calc software. The coarsest Ti containing precipitates were in most cases found nucleated
over oxides (Al2O3), which suggests that the amount of these particles can be related to the number of
oxides and therefore influenced by steel cleanliness. This can be critical, since these coarse Ti nitrides
(in the micron range) are very difficult to dissolve during reheating. Nanometer-sized particles with
similar average size (D � 135 nm) were also found for all the high Ti specimens quenched for initial
microstructure analysis, although the density tends to be lower for the Ti10Nb3 steel. The reasons
for the reduced precipitate amount are not clear, but they may be related to casting or solidification
conditions. Regarding precipitate composition, for the three high Ti steels some N could be detected in
the coarsest particles observed via FEG-SEM, which suggests that these are mostly nitrides. This is
in good agreement with the predictions of Thermo-Calc, which shows that at 1250ºC a large amount
of Ti is expected to be pinned in the form of TiN. In the case of the smallest precipitates detected by
TEM, some Nb was found in their composition (Figure 4). This suggests that some loss of Nb in solid
solution not predicted by Thermo-Calc could be taking place. For the Ti10Nb3 and Ti15Nb3 steels, S-
and Ti-containing precipitates, mainly small for the former steel and of all sizes for the latter, were
also detected. In other types of steels, it has been reported that Ti and S can combine to form TiS or
Ti4C2S2 [36]. It is difficult to detect C by EDS in the FEG-SEM, and it is not possible in the carbon
replicas examined in the TEM. However, the predictions of Thermo-Calc suggest that these could be
of the Ti4C2S2 type. Finally, although these were the least frequent type of particles, in some of the
precipitates found via TEM, Nb and S was also detected. However, this was not investigated in detail.

4.2. Static Softening and Strain-Iduced Precipitation Behavior

From the softening curves, the t0.5 and n Avrami exponent were calculated for all the conditions
investigated. The results obtained for all those cases where interaction with strain-induced precipitation
was not observed are summarized in Table 5.

Table 5. Experimental t0.5 and n values determined from the softening curves.

Steel
D0

(μm)
ε

Tdef
(◦C)

.
ε(s−1)

t0.5
(s)

n Steel
D0

(μm)
ε

Tdef
(◦C)

.
ε(s−1)

t0.5
(s)

n

Ti0Nb0

230 ± 15 0.35 1100

1

1.2 1.0

Ti10Nb3

258 ± 4 0.35 1100

1

4.9 1.1

126 ± 4

0.35 1100 0.7 1.2

114 ± 4

0.35 1050 6.7 1.0

0.15 1100 4.6 2.0 0.35 1100 3.0 1.3

0.35 1050 2.1 0.8 0.15 1100 18.6 1.5

0.35 950 5.0 1.0 0.1 1100 44.3 1.5

Ti0Nb3

241 ± 12
0.35 1100

1

3.4 1.1

Ti15Nb3

193 ± 10 0.35 1100

1

5.7 1.0

0.15 1100 23.1 0.9

96 ± 3

0.35 1050 7.9 1.0

88 ± 4

0.35 1050 4.5 1.0 0.35 1100 3.1 1.4

0.35 1100 1.6 1.1 0.15 1100 22.5 1.5

0.15 1100 11 1.4 0.1 1100 57.3 2.1

0.1 1100 14 2.5 - - - - - - -

Ti5Nb3

163 ± 8

0.35 1100 1 2.4 1.2 - - - - - –

0.35 1100 5 2.2 0.8 - - - - - - -

0.35 1150

1

1.6 1.0 - - - - - - -

0.15 1150 17.1 1.1 - - - - - - -

70 ± 2

0.35 950 34.1 0.7 - - - - - - -

0.35 1050 3.5 1.0 - - - - - - -

0.35 1100 1.2 1.4 - - - - - - -

0.15 1100 10.3 1.9 - - - - - -
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In a previous work [3], the following equation was developed to predict t0.5 as a function of initial
grain size (D0), deformation conditions (ε,

.
ε and T) and the amount of microalloying elements in solid

solution:

t0.5 = 9.92× 10−11D0ε
−5.6D−0.15

0
.
ε
−0.53exp

(180000
RT

)
exp
[(275000

T
− 185

)
([Nb] + 0.374[Ti])

]
(2)

where the amount of microalloying elements is given in wt%, D0 in μm,
.
ε in s−1 and T in K. The

equation was developed considering steels microalloyed with Nb, Ti and Nb-Ti with 0.035%Nb and
0.067%Ti as maximum levels [3]. Although not applicable in the present work, the equation has
been extended to steels with high Mo [37], Al [38] and B [39] additions. In Figure 16 the t0.5 times
calculated from this equation are plotted against the experimentally determined values. The amount of
microalloying element in solid solution predicted by Thermo-Calc (Table 4) was used in the calculations
and only those cases in which interaction with strain-induced precipitation was not detected were
considered. From the figure, on average, a good fit is observed for all the steels investigated. Although
the above results indicate that Thermo-Calc may slightly overestimate values of Nb in solid solution
for the high Ti steels, this does not seem to lead to significant error in t0.5 prediction. In fact, the fit is
slightly more accurate for the microalloyed steels than for Ti0Nb0. In some cases, some overestimation
of the calculated t0.5 can be observed. However, it must be mentioned that this was observed for the
longest t0.5 values, which correspond mainly to the lowest applied strain values (ε = 0.1 and ε = 0.15).
The lower accuracy of these type of models when low strain levels are applied has also been observed
in previous works [38].

t

t

Figure 16. Comparison between the experimental t0.5 and the values predicted using Equation (2).

Regarding the experimental n Avrami exponent, in some works this parameter’s dependence
on deformation temperature has been reported [2,23,40]. However, within the range of conditions
investigated in this work (most of the available data corresponding to T = 1100 ◦C or 1050 ◦C) and
taking into account that this parameter is rather noisy [40], it is difficult to assess such an effect with the
available data. However, the average value determined from the available results, n = 1.26, is within
the range of values reported for other microalloyed steels [3], and also close to the predictions made by
the equations developed by Medina et al. [2] for low alloy steels (n = 0.94 to 0.98) and for microalloyed
steels (n = 1.07 to 1.21) in the 1050–1100 ◦C temperature range.

The strain-induced precipitation behavior shows a more complex dependence on steel composition.
The carbon replica and softening analysis show that, within the microalloyed steels, the Ti5Nb3 one
presents the most retarded precipitation kinetics. For this steel, some loss of Nb in solid solution into
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the undissolved precipitates can take place. However, the presence of coarse undissolved precipitates
in the microstructure of the high Ti steels must also be considered. The activation energy for nucleation
of precipitates depends both on the driving force and the energy barrier. The driving force is a function
of the amount of microalloying content in solid solution relative to the equilibrium values, while
the energy barrier includes the interfacial energy and the strain mismatch between precipitate and
matrix [41]. For the Ti5Nb3 steel, lower amount of Nb in solid solution compared to Ti0Nb3 can reduce
the driving force and make less favorable precipitate nucleation. However, another factor to take
into account is that heterogeneous nucleation of Nb-Ti precipitates on undissolved precipitates takes
place following a coherent cube-cube orientation relationship, leading to a decrease of the interfacial
energy [29]. As a result, for this steel, co-precipitation on undissolved particles could become the most
favorable nucleation mechanism for the Ti5Nb3. Similar results were observed by Hong et al. [29]
for 0.04%C-0.05%Nb steels with 0.016%Ti addition. For the Ti10Nb3 and Ti15Nb3 steels (Figure 11),
some co-precipitation over undissolved precipitates was also observed. However, for these steels,
more homogeneously distributed precipitates were observed in the replicas (Figure 11b,c). A higher
amount of Ti in solid solution in these steels leads to higher driving force for precipitation. As result,
both precipitation mechanisms, co-precipitation and precipitation in the austenite lattice defects, such
as dislocation or sub-grain boundaries [32,41], is observed to take place, leading to larger softening
retardation levels than for the Ti5Nb3 steel.

Some differences can also be observed regarding the composition and size of the strain-induced
precipitates. While EDS analysis of Ti0Nb3 steel shows that they contain mostly Nb, for the Ti10Nb3
and Ti15Nb3 steels, both Nb and Ti could be clearly detected in the composition. In addition, a
much higher strain-induced precipitate growth/coarsening rate was determined in the high Ti steels
compared to Ti0Nb3. This could be related to the higher amount of microalloying element in solid
solution present in these steels [42]. After a 1000s holding time, the precipitate size increase was
especially enhanced for the Ti10Nb3. The lower amount of nanometer-sized precipitates found in
the initial microstructure analysis suggests that for this steel more Ti could be put into solution after
reheating. However, although the effect is small, more retarded softening kinetics were observed for
Ti15Nb3 than for Ti10Nb3, which can only be explained due to larger amount of Ti in solid solution
(Figure 8). Given the small amount of material that it is analyzed by TEM means, local segregation
effects could explain this result.

4.3. Recrystallized Grain Size

As shown in Table 3 and commonly reported in the literature, the effect of deformation temperature
or strain rate on the recrystallized grain size is low. As a result, to calculate the recrystallized grain size,
the following type of dependence is usually applied [43–45]:

dSRX = ADp
0ε
−q (3)

where A, p and q are material dependent constants. Table 6 summarizes some of the values proposed in
the literature for these constants for C-Mn and Nb microalloyed steels [43–45], while in Figure 17 the
experimental recrystallized grain sizes measured in this work have been compared to the predictions
of these models.

Table 6. Parameters proposed for the calculation of the recrystallized grain size for different steels
using equation (3).

Steel A p q Reference

CMn - Nb (1) 1.4 0.56 1 Abad et al. [43]

CMn - Nb (2) 1.1 0.67 0.67 Sellars [44]

CMn 0.743 0.67 1 Beynon et al. [45]
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Figure 17. Comparison between the experimental recrystallized grain size measured for the steels
investigated and predictions from several models proposed in the literature [43–45].

It can be observed from Figure 17 that for the finest recrystallized grain sizes, the fit is similar for
the three equations considered. In addition, no significant differences can be appreciated in the fit as a
function of high Ti content. Equation from reference [44] tends in most cases to underestimate the
recrystallized grain size, while for the coarsest recrystallized grain sizes, equations from references [43]
and [45] provide more accurate results.

4.4. Grain Growth Behavior

The following equation is usually applied to low/medium carbon steels to predict growth as a
function of holding time (in s) and temperature (in K):

dm = dm
srx + kt·exp

(
−Qgg/RT

)
(4)

where Qgg is the apparent activation for grain growth, m is the growth exponent and k is a constant.
The parameters of some of the models developed for different steels are summarized in Table 7:

Table 7. Values of the parameters proposed for some grain growth models in the literature.

Steel m (s−1) k Qgg (J/mol) Reference

Nb, Hogson 4.5 4.1 × 1023 435000 [22]

Ti, Hodgson 10 2.6 × 1028 437000 [22]

CMn, Sellars 10 3.9 × 1032 400000 [46]

CMn, Hodgson 7 1.45 × 1027 400000 [22]

Figure 18 compares the predictions of these models and the experimental measurements performed
in this work. Regarding the experimental data, it can be noted that the Ti0Nb0 steel shows the fastest
growth kinetics, while this is slower for Ti0Nb3 and much more limited for the high Ti steels. On the
other hand, when considering the predicted values, these trends were not always true; higher grain
growth rates were predicted for the Nb microalloyed steels relative to the CMn ones by the equations
developed. At 1050 ◦C and at 1100 ◦C, when the coarsest initial recrystallized grain size is considered
(Figure 18b,c), good agreement is observed between the experimental data for the Ti0Nb3 steel and
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the values predicted by the equation developed by Hodgson for Nb microalloyed steels. On the
other hand, at 1100 ◦C, when finer initial recrystallized grain sizes are considered (Figure 18a), the
experimental values tend to be lower than the ones predicted. In the same conditions the grain growth
kinetics for the Ti0Nb0 steel was best predicted by the Hodgson CMn equation, while at 1050 ◦C, this
was underestimated by all the reported models. This makes difficult to determine which is the most
adequate equation for the Ti0Nb0 and Ti0Nb3 steels. However, when considering the high Ti steels,
especially Ti15Nb3, applying the equation developed by Hodgson for Ti microalloyed steels, which
predicts very limited grain growth, would provide the most reliable results.

 
(a) (b) 

 
(c) 

Figure 18. Comparison between the experimental grain growth data and the results of several models
reported in the literature (symbols represent experimental data and lines model predictions) at (a), (b)
1100 ◦C and (c) 1050 ◦C.

5. Conclusions

This work analyzed the austenite microstructural evolution of 0.03%Nb microalloyed steels with
different high Ti additions (0.05%, 0.1%, 0.15%) during hot working. The main conclusions that can be
extracted are as follows:

For the reference 0.03%Nb microalloyed steel, after reheating at 1250 ◦C, all the Nb is in solid
solution in the austenite. In contrast, for the high Ti steels, according to thermodynamic calculations,
only slightly half of the Ti concentration available can be dissolved. The coarsest Ti containing
precipitates (in the range of microns) often appear co-precipitated over Al2O3 particles. For the Ti5Nb3
and Ti10Nb3 steels, these co-precipitates are mainly TiN, although they can also contain some Nb,
while for the Ti15Nb3 steel coarse Ti- and S-containing particles were also detected. Additionally,
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nanometer-sized precipitates were present for all the steels. Some Nb could also be detected in
these particles, which can result in lower Nb in solid solution than the values predicted by the
Thermo-Calc software.

The fastest recrystallization kinetics was determined for the Ti0Nb0 steel, followed by the Ti5Nb3
and then Ti0Nb3 steels. The most retarded softening kinetics was observed for the Ti10Nb3 and
Ti15Nb3 steels. Grain size and the amount of microalloying in solid solution can explain the observed
trends. Experimental t0.5 and n Avrami exponent values determined for all high Ti steels are in
good agreement with those predicted by available models developed for Nb, Nb-low Ti and CMn
microalloyed steels.

Within the microalloyed steels investigated, the most retarded strain-induced precipitation kinetics
was determined for the Ti5Nb3 steel. In this steel mainly co-precipitation over undissolved precipitates
occurs. This effect could be explained by a lower amount of microalloying element in solution compared
to the Ti0Nb3 or to the reduction of interfacial energy for nucleation. On the other hand, for the Ti10Nb3
and Ti15Nb3 steels, both co-precipitation and more dispersed precipitates were detected, which can be
attributed to larger amount of Ti in solid solution, resulting in higher precipitation driving force.

The strain-induced precipitates found in the Ti10Nb3 and Ti15Nb3 steels presented both Nb and
Ti in their composition. These precipitates resulted in a softening retardation effect comparable to or
even larger than that observed for the Ti0Nb3 steel. However, the size of these precipitates was also
coarser than for Ti0Nb3 and they presented a higher growth rate.

For the high Ti steels, the recrystallized grain sizes could be reasonably well predicted by the
models developed for other microalloyed steels. Regarding grain growth, for the Ti0Nb0 and Ti0Nb3
steels it is not clear which of the existing models is the most accurate one. However, for the high Ti
steels, grain growth was much more limited.
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Abstract: Manufacturing of ferritic stainless steels flat bars is an important industrial topic and the
steel 1.4512 is one of the most commonly used grades for producing this component. In this paper,
the origin of some edge defects occurring during hot rolling of flat bars of this grade is analyzed and
thermomechanical and microstructural calculations have been carried out to enhance the quality of the
finished products by reducing the jagged borders defect on hot rolled bars. An accurate investigation
has been carried out by analyzing the defects on the final product from both the macroscopic and
microstructural point of view through the implementation of thermomechanical and metallurgical
models in a finite element (FE) MSC Marc commercial code. Coupled metallurgical and damage
models have been implemented to investigate the microstructural evolution of ferritic grain size
and material damaging. Three levels of prior ferritic grain size (PFGS) and three furnace discharge
temperatures have been considered in the thermo-mechanical simulations of the roughing passes.
Rheological laws for modeling the evolution of ferritic grain have been modified to describe the
specific cases simulated. Results have shown that the defect is caused by processing conditions that
trigger an anomalous heating which, in turn, induces an uncontrolled grain growth on the edges.
The work-hardened and elongated grains do not recrystallize during hot deformation. Consequently,
they tend to squeeze out the surrounding softer and recrystallized matrix towards the edges of the
bar where the fractures that characterizes the surface defect occur.

Keywords: rheological law modeling; rolling; plastic deformation; microstructural and mechanical
coupling; defect reduction

1. Introduction

Owing to their lower cost with respect to austenitic stainless steels, ferritic stainless steels are more
and more requested. They are nowadays used in many applications facing with strength/ductility
requirements coupled with high targets of corrosion resistance [1]. In particular, they are employed
in automotive [2], construction and building [3,4], energy [5,6], aeronautical [7], food [8], and 3D
printing [9] applications.

Manufacturing ferritic stainless steels flat bars is an important topic in steel industry. The steel
grade EN 1.4512 is widely used in the production of ferritic bars. Flat bar products made of this
material can exhibit some defects such as jagged edges when subjected to hot rolling. In order to study
and identify the origin of this type of defect, a study on the rolling conditions of ferritic flat bars made
of steel grade 1.4512 steel has been carried out.

Metals 2020, 10, 186; doi:10.3390/met10020186 www.mdpi.com/journal/metals105
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The evolution of the steel microstructure is the key element to understand the nature of the
abovementioned defects. For this reason, a model to simulate the effect of recrystallization and grain
growth during hot deformation has been developed. Due to the high temperature and the intense
strain field characterizing the roughing process, the solidification structure is fully replaced by a new
recrystallized microstructure.

The roughing step has been identified as a crucial part of the hot rolling process. As a matter of
fact, local hot working conditions of the material change strongly depending on the applied strain,
strain rate, temperature, and also on the interpass time during the roughing process [10]. It is well
known that recrystallization is influenced by temperature, strain amount and soaking time [11]. In case
of hot rolling, two processes can be distinguished: the static recrystallization which takes place
after deformation during the interpass time, and the dynamic or meta-dynamic recrystallization that
takes place during or just after the hot deformation and is promoted by small strain rate and high
temperature. A semi-empirical model considering either static and meta dynamic recrystallization
has been developed and calibrated on the steel grade 1.4512 to describe all the possible elementary
processes. It is coupled with the thermomechanical FE model of roughing in order to describe accurately
the local conditions through the thickness and along the bar width on 2D sections.

Almost all the semi-empirical models for describing the microstructural evolution during hot
deformation that can be found in the literature refer to austenitic stainless steels [12–14]. The same
holds also for the equations for predicting the austenite grain size as a function of the hot working
conditions [15]. Instead, it is rather difficult to find consistent literature data about the evolution of
ferritic microstructure during the hot deformation processes. Some data can be found for interstitial
free (IF) steels [16] and with low-carbon steels content during plastic deformation [17,18]. Therefore, in
this work, a comprehensive model for recrystallization and grain growth of the ferritic stainless-steel
grade EN 1.4512 is proposed.

2. Materials and Methods

The focus of this paper is on the jagged defect on the edges of hot rolled EN 1.4512 steel grade
(see for example Figure 1). In order to investigate such defect, a detailed analysis on the border of
selected specimen of bars has been performed by a scanning electron microscope (SEM) (Figure 2).

Figure 1. Specimens of flat bar in steel grade 1.4512 affected by jagged borders.
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Figure 2. SEM images of the surface of a jagged bar.

The image in Figure 3 has been the starting point for the understanding of the mechanism of
the defect formation. It shows the presence of elongated and not recrystallized abnormal grains
“squeezed out” of the edge of the bar which represent a possible cause of the macroscopically observed
jagged border.

Figure 3. Optical micrograph showing a detail of the bar edge with the macroscopic defect.
The elongated and work hardened grains at mid thickness appear to be extruded from the microstructure
during hot working (2% Nital Etching).

The original microstructure of the bar is characterized by a central zone, at mid thickness, with
an average grain size of approximatively 5 mm as measured according to ASTM E112 specification.
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Going towards the surfaces the grain size decreases continuously down to 0.15 mm. This information,
converted into the analytical function describing the prior ferritic grain size (PFGS) shown in Figure 4,
has been used as input in the FE model of the roughing mill. The initial microstructure has been
considered representative of the as-cast microstructure illustrated in Figure 5 and composed by a fine
cortical grain size and a coarser columnar structure in the core region.

 

Figure 4. Mathematical function used to represent the through thickness variation of the ferrite grain
size prior to hot rolling based on the as-cast microstructure.

 

Figure 5. Typical macrostructure of an as-cast billet of ferritic stainless steel.

In order to understand the effect of the initial grain size distribution through the thickness on the
evolution of the microstructure during the hot rolling process, simulations with the following grain
distributions have been considered:

• from 5000 μm (center) to 0.15 μm (surface)-reference condition
• uniform grain size of 5000 μm
• from 5000 μm (center) to 1000 μm (surface)
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In order to calibrate the material and damage model tensile tests have been performed on EN
1.4512 steel grade in the temperature range 750–1200 ◦C, at strain rate of 0.1 s−1 and 5.0 s−1. For the
tensile tests a standard round specimen for tensile test following ISO 6892-1:2009 with a diameter of
9 mm and a gauge length of 45 mm.

3. Rheological and Microstructural Models

In order to obtain the parameters for predicting the material microstructural evolution, an ad-hoc
3D thermo-mechanical and metallurgical FE models has been developed and tuned on specific
experimental measurements and on literature data when available.

3.1. Hot Deformation Model

The simulation of the material flow when the bar undergoes plastic deformation process has been
carried out by implementing a rheological model of the steel. The optimized equation used in this
work is Equation (1), was originally proposed by Hansel–Spittel [19]. In such approach the flow stress
is expressed by the product of strain, strain rate, and a power of temperature

σF = A ∗ (ε+ ε0)
m2 ∗
( .
ε+

.
ε0
)m8T ∗ em1T (1)

where σF, ε,
.
ε are respectively flow stress, strain and strain rate, T is the temperature in Celsius degree,

A is a scaling coefficient for the flow stress curve, and the coefficients m1, m2, m8 and are unknown
and optimizable parameters: coefficient m1 is related to the material’s sensitivity to temperature, m2

models material’s sensitivity to strain, m8 combines the effect of temperature and strain rate.
The Hansel–Spittel model in Equation (1) can be used for strains below peak deformation. Above

that threshold value the damage mechanism has to be taken into account in order to represent the
lowering of the flow stress curve once the peak stress is reached. At this stage, recrystallization effects
were not considered.

The peak deformation εp is expressed as in Equation (2), where α and β are coefficients which
needs to be calibrated.

εp = α(Z)β (2)

where the Zener–Hollomon parameter Z is evaluated according to [19] as

Z =
( .
ε+

.
ε0
)

exp
( Q

RT

)
(3)

Coefficients in Equation (3) are the Zener–Hollomon parameter Z, the strain rate and the initial
strain rate

.
ε,

.
ε0 and the coefficients at the exponent are respectively the activation energy Q, the gas

constant R, and temperature T.
α and β parameters in Equation (2) have been set to 0.0184 and 0.8, respectively after a further

analysis on experimental curves and the activation energy Q has been set to 277 kJ/mol.
The damage model, based on a modified Lemaitre equation [20], has been implemented in the FE

model by means of external subroutines, as well as the implementation of the yield stress. The law
governing the damage

.
D is

.
D =

(
−hcy

S0

)s1−s2Din .
εp (4)

where
.
εp is the plastic deformation strain rate, the material-dependent constants S0, s1, s2 take into

account the strength of the damage and the coefficient hc is set to 1 if the material is in state of tension
and 0.2 if it is in state of compression. The quantities y and Din represent respectively the energy
released during deformation and the initial damage. All the parameters have been largely discussed
in [20]. For the last two parameters, the following expressions have been adopted
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− y =
σ

2E(1−D)2

[
2
3
(1 + ϑ) + 3(1− 2ϑ)

(
σH

σ

)2]
(5)

Din = ae−b r
R (6)

where σ is the equivalent stress and σH/ σ the stress triaxiality factor, i.e., the ratio between the
hydrostatic tension and the equivalent stress. The damage variable D depends on the initial value of
the damage on the axis of the bar, a, and r is a radial coordinate ranging from 0 to the bar radius R.
The coefficient b is calculated from the condition of no initial damage located at a certain radius r in the
core area, which is determined through an analysis of the void’s distribution.

Tensile tests performed on EN 1.4512 steel grade in the temperature range 750–1200 ◦C, at strain
rate of 0.1 s−1 and 5.0 s−1 have been reproduced by means of non-linear finite element modeling.
The tensile tests were modeled with axisymmetric elements. MSC. Marc was used for all the simulations.
Isotropic work hardening law, Equation (1), and von Mises yield criterion have been adopted by
using external YIELD subroutine. Damage, formulations from Equation (4) to Equation (6), have been
introduced in the FE model by means of UDAMAG user routine.

As far as material stress–strain curve modeling concerns, the after necking extended stress–strain
curve was determined by using a modification of the inverse calibration approach proposed by [21,22].
The basic data are the load–displacement curves obtained from conventional tensile tests, fitted by the
same results obtained from finite element simulations of the tensile test. The initial stress–strain curve,
estimated as a simple power law from experimental data up to necking, was iteratively modified in the
post-necking regime until the error between the experimental and numerical load–displacement curve
has been reduced below a defined tolerance. Iterations were performed by using the automatic
procedure described in [23]. Automatic iterative optimization procedure considers modify all
coefficients of Equation (1) considering the total error between all experimental and numerical
load–displacement curve in the temperature range 750–1200 ◦C, at strain rate of 0.1 s−1 and 5.0 s−1.
For this multi-objective optimization problem, no single solution exists that simultaneously optimizes
each objective, so a nondominated optimal solution that allow to reach the tolerance defined in the
optimization procedure has been chosen.

The optimized coefficients of Equation (1) can be found in Table 1 and for Equation (4) are reported
in Table 2. Examples of final, calibrated stress–strain curves are reproduced in Figure 6 and compared
with experimental data of tensile tests. Comparisons have been reported for tensile tests carried out at:
(a) T = 1200 ◦C .

ε = 5s−1; (b) T = 1050 ◦C .
ε = 5 s−1; (c) T = 900◦C .

ε = 1 s−1.

Table 1. Coefficients of first attempt and final value of the same coefficients for the rheological model
of the EN 1.4512 steel in Equation (1).

Coefficient
First Attempt Value [19]

Chapter 109
Final Value

A 4422.71 4650
m1 −0.0029 −0.0032
m2 0.48151 0.3
m8 0.000202 0.00017
ε0 0.0 0.001
.
ε0 0.0 0.01

Table 2. Coefficients of the damage model in Equation (4).

Coefficient Value

s0 1.1
s1 0.1
s2 0.5
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Figure 6. Comparison between numerical and experimental data of tensile tests simulation after the
optimization procedure of rheological and damage coefficients. Comparisons have been reported for
tensile tests carried out at: (a) T = 1200 ◦C .

ε = 5 s−1; (b) T = 1050 ◦C .
ε = 5 s−1; (c) T = 900 ◦C .

ε = 1 s−1.
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Once the material model has been tuned in terms of Equation (1) and Equation (4)
parameters, a thermo-mechanical hot rolling 3D model has been implemented. A screenshot of
the thermo-mechanical 3D model is reported in Figure 7. The FE model of industrial rolling has been
calibrated in terms of heat transfer coefficient between material and surrounding and material and
rolls thanks the thermal image. Inter-pass time has been evaluated through the analysis of the rolling
force signals acquired during hot rolling. The calculated temperatures are in good agreement with the
experimental data obtained by a thermal imaging camera as revealed by Figure 7.

 

Figure 7. FE Thermomechanical 3D model of the hot rolling of flat bar compared to temperature
experimental measures.

3.2. Static Recrystalization and Grain Growth Models

In this work the static recrystallization (which takes place during the interpass time between
roughing passes) and three metadynamic recrystallization (more typical of ferritic steels) processes and
the grain growth after recrystallization are considered. As previously mentioned, in the literature there
is plenty of data on hot deformation of austenite but very few on ferrite. Therefore, the mathematical
form of the equations describing the recrystallization kinetics and grain growth has been taken from
the literature starting from and in particular from some works on hot deformation of IF and low-carbon
steels [17,24] and the calibrated thermo-mechanical FE simulations have been used as a basis for
refining the phenomenological coefficients of the metallurgical model.

The static recrystallization (SRX) has been modeled by an Avrami-like equation expressing
recrystallized fraction Xrex as a function of time in isothermal conditions [25]

Xrex = 1− exp
[
−0.693

(
t

t0.5

)n]
(7)

where the parameter t0.5 is the time to reach 50% SRX and n a kinetic exponent. The t0.5 depends in
turn on the initial grain size, temperature, strain, and strain rate as
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t0.5 = Cεp .
ε

qdsexp
(

Qapp

RT

)
(8)

where C is a constant related to the chemical composition, the exponents p, q and s express the effect
of strain ε, strain rate

.
ε and initial grain size d, R and T are the gas constant and the temperature

respectively, and Qapp is the activation energy needed for the process. Such parameters were determined
starting from literature data reported in [26] and are listed in Table 3.

Table 3. Coefficients for SRX process from [26].

Coefficient Value

N 1.5
C (s) 1.69 × 10−10

P −1.7
d0 157
Q 0
S 1.5

Q (kJ/mol) 143

If the steel undergoes low strain and low strain rate deformation, SRX mechanism is activated [27].
In this case, the recrystallized grain size dsrx can be expressed as

dSRX = c1 + c2 dαc3εc4

(
.
εexp
( Q

RT

))c5

(9)

c1, c2, c3, c4 and c5 parameters and activation energy Q were determined starting from literature data
reported in [27] and are listed in Table 4.

Table 4. Coefficient used in Equation (9) for predicting the ferrite grain size after SRX [27].

Coefficient Value

c1 (s) 28.26
c2 (s) 18.24

c3 0
c4 −0.6
c5 −0.05

Q (kJ/mol) 267

Concerning the grain growth after SRX, the following equation used:

dgg =
(
dαc1 + c2 exp

( Q
RT

)
tgg

)c−3

(10)

c1, c2, c3 parameters, the activation energy Q and ferritic grain size dα were determined starting from
literature data reported in [27] and are listed in Table 5.

Table 5. Coefficient used in Equation (10) for grain growth during static recrystallization [27].

Coefficient Value

c1 7
c2 3 × 1023

c3 7
Q (kJ/mol) −356

dα 3.6
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3.3. Metadynamic Recrystalization and Grain Growth Models

According to the experimental data in literature on high chromium stainless steels, at high
strain levels and high temperature the dominant mechanism is the metadynamic recrystallization
(MDRX) [27]. This process is activated when the imposed strain exceeds a critical level εC which in
turn, is proportional to the peak strain according to the relationship in Equation (11).

εC = A εp (11)

In the present case, the estimation of the peak strain has been carried out by exploiting a collection
of literature data [27]. The peak deformation is a function of the Zener–Hollomon parameter as shown
in Equation (2). For the MDRX the αMDRX and βMDRX are 0.025 and 0.59, respectively. The coefficient
A in Equation (12), ranging between 0.7 and 0.8, has been set equal to 0.75.

The recrystallized fraction after MDRX fraction is calculated using the same Equation (7) as in the
case of SRX. Instead, the ferrite grain size after MDRX is

dMDRX = c1
.
εexp

( Q
RT

)c2

(12)

c1, c2 coefficients, properly calibrated on experimental data from the literature [27], are reported
in Table 6.

Table 6. Coefficient for grain evolution during MDRX [27].

Coefficient Value

c1 18277
c2 −0.246

Q (kJ/mol) 267
d0 157

The local strain, strain rate, and temperature conditions predicted by the thermo-mechanical FE
calculation are used to identify whether SRX or a MDRX process is activated.

4. Results

The output of the FE thermo-mechanical simulations and the microstructural model have been
coupled in order to simulate the evolution of the microstructure during roughing of the bar. In this
section, a sensitivity analysis of the main factors affecting the microstructural evolution is reported
and discussed.

Results are given in the form of maps of total equivalent plastic strain, equivalent Von Mises stress
and temperature fields, taken on the transversal section of the hot rolled bar, as shown in Figure 8.
Additionally, the chosen section must not suffer of border defect (associated for example to the finite
nature of the computational domain), and stress–strain and temperature fields must be stationary.

Figure 8. Selection of transversal section of the bar.
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The simulations have been carried out to evaluate the influence of reheating temperature, the effect
of different initial ferrite grain sizes (PFGS) and the effect of damage on the microstructure evolution.

The effect of the reheating temperature on the ferrite grain size are summarized in Figure 9.
The data are represented as maps of the ferrite grain size on the transversal section of the bar after the
second roughing pass. They show the presence of bigger grains in the center of the bar compared to the
sub-surface regions but, in all cases, there is no evidence of abnormal grains. It is possible to conclude
that at this stage the microstructure evolution does not favor the formation of the jagged border defect.

 

Figure 9. Effect of the reheating temperature on the ferrite grain size after the second roughing pass.

The same data after the fifth pass are shown in Figure 10. Now the effect of the reheating
temperature on the grain size is apparent. High reheating temperatures produces smaller grains in the
center of the bar and a more homogeneous microstructure. Nevertheless, the relationship with the
jagged border defect is still not clear because grains on the edge are smaller than those in the core with
no formation of abnormal grains.

 

Figure 10. Effect of the reheating temperature on the ferrite grain size after the fifth roughing pass.
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In order to take into account the effect of the grain size at prior to hot rolling, calculations with
different distributions of the PFGS have been carried out The grain size maps in Figure 11 summarize
the results after the second pass. The map calculated from the uniform PFGS equal to 5000 μm is
substantially different from the two maps calculated using a gradient of grain sizes form center to
surface. The effect is already apparent just after the beginning of the hot rolling process. In the first
map of Figure 11, it can be observed that smaller grains are formed on the edges of the bar. On the
contrary, in the other maps smaller grains are uniformly distributed along the whole surface.

 

Figure 11. Effect of different PFGS on the ferrite grain size after the second roughing pass.

Even greater differences can be appreciated after the fifth pass, as shown in Figure 12. Also, in
this case, the starting in condition with a uniform PFGS equal to 5000 μm differs from the others. It is
possible to observe that of smaller grains are formed on the edges of the bar but there are bigger grains
just on the corners.

Figure 12. Effect of different PFGS on the ferrite grain size after the fifth roughing pass.
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The maps showing the influence of the PFGS on damage after the fifth pass are reported in
Figure 13. Damage increases going towards the edges in all cases. there is a minor presence of
the damage on the center of the slabs, while its value increases on the edge. It can be noticed that
the distribution of the damage parameter on the bar section is similar to the profile of the jagged
border defect.

 

Figure 13. Effect of PFGS on damage after the fifth roughing pass.

After the fifth roughing pass, even if the recrystallization interferes with the increasing of the
damage, an increased density of damage is observed close to the edges. As shown in Figure 14, this
effect is particularly intense for the configuration with a uniform PFGS equal to 5000 μm.

Figure 14. Effect of PFGS on damage after the fifth roughing pass.

A synthesis of the previous observations after the fifth pass for the case of a uniform PFGS equal
to 5000 μm is schematized in Figure 15 in comparison with a macrograph of a hot rolled bar. It is
apparent that the positions of the edge defects observed in the specimen correspond to the regions
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that, in the calculations, exhibit the larger grain size and the higher level of damage. Figure 16 shows
another view of the bar, where is possible to observe the border affected by a coarser grain.

 

Figure 15. Comparison between macrography of the bar and the grain growth resulting from the maps
of ferrite grain size and damage.

Figure 16. Comparison between macrography of the bar and the grain growth resulting from the maps
of ferrite grain size and damage.

5. Discussion

The results of FE simulations have shown the evolution of ferritic grain size during the roughing
stage of hot rolling due to recrystallization as a function of different initial conditions regarding
temperature and through-thickness distribution of the prior ferrite grain size. The calculated maps
have highlighted that the recrystallization reduces the damage in all the examined cases and also on
the bar edges. However, when a uniform initial ferrite grain size equal to 5000 μm is considered,
the damage on the edges is more intense compared to the other analyzed conditions. During the hot
rolling process, the ferrite grain is continuously refined and, in all cases, a homogeneous grain size
is attained at the center of the bar. Instead, some differences are observed around the edges. In the
surface region of the bar a localized presence of coarser grains (up to five time than the average size) is
observed especially when the initial grain size is coarse. Instead, a finer grain size is predicted at the
surface of the bar when the PFGS includes grains in the range 5000 to 150 μm.

The configuration with uniform PFGS = 5000 μm is representative of an anomalous grain growth,
both superficial and sub-superficial. Such PFGS values in ferritic steels are usually related to high
reheating temperature [28] which in industrial processing should happen following uncontrolled
reheating in the furnace. It is well known [29] that the presence of such large grains opposes to the
recrystallization behavior according to Equation (7) and Equation (8). This will result in the presence
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of a deformed fiber characterized by work-hardened grains surrounded by recrystallized grains: such
topological arrangement will result in grain boundaries sliding rather than further deformation [30].

As a consequence, when the work-hardened grains are pushed in proximity of the edges, they will
expel the recrystallized grains out of the bar. The material spreading due to the hot rolling condition is
accentuated and the edges exhibit a jagged aspect. Moreover, the slower the recrystallization kinetics
the higher the damaging of the material, thus inducing a higher probability of cracks and micro cracks
formation on the bar surfaces.

6. Conclusions

An application of standard and advanced modeling techniques to the solution of industrial
problems during hot rolling has been described. A special focus has been set to the use of combined
experimental and numerical analysis on materials and products, in particular on hot rolling of flat
bars made in 1.4512 stainless steel. The developed modeling tools have demonstrated the required
accuracy to successfully predict the state of the material during the entire processing route and to help
the manufacturer to improve the final product, identifying the cause that may lead to the formation of
the jagged border defect on the edges of the rolled bar.

In order to investigate the formation of the defect, the material has been characterized by
a mechanical point of view. Moreover, metallurgical models and material damaging theory have been
implemented and coupled with FE calculation results in order to predict the microstructural evolution
of the ferrite grain structure during hot deformation.

Important parameters such as strain, stress, and temperature have been considered in order to
analyze the problem and to investigate their influence on the development of the steel microstructure.

Results have shown that the jagged border defect could be caused by uncontrolled or improper
reheating or cooling stage of the flat bars during the process. This can induce the formation of large and
elongated grains that produce a ‘squeezing’ of the grains on the edge of the flat bar, thus originating
the jagged border defect. The influence of PGFS is also relevant. FE analysis has shown that when
a smaller initial grain size is considered the defect is not produced and the bar is characterized by
smaller grains near the surface coarser grains at the core.

On the contrary, a uniform and coarse prior ferrite grain size of 5000 μm is more prone to
develop the defect in conditions of uncontrolled reheating. The abnormally coarse grains result from
work-hardening and recovery rather than recrystallization, their behavior being substantially different
from that of the surrounding recrystallized matrix. In these conditions, when the strain hardened
grains are in proximity of the skin, they can squeeze out the recrystallized grains, thus generating the
defect on the bar edges.
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Abstract: A novel medium-Mn steel microstructure with 0.1 wt.% Nb was designed using Thermo-Calc
and JMatPro thermodynamic simulation software. The pseudo-binary equilibrium phase diagram
and time–temperature transformation (TTT) and continuous cooling transformation (CCT) diagrams
were simulated in order to analyze the evolution of equilibrium phases during solidification
and homogenization heat treatment. Subsequently, the steel was cast in a vacuum induction
furnace with the composition selected from simulations. The specimens were heat-treated at
1200 ◦C and water-quenched. The results of the simulations were compared to the experimental
results. The microstructure was characterized using optical microscopy (OM) and scanning electron
microscopy (SEM). We found that the as-cast microstructure consisted mainly of a mixture of
martensite, ferrite, and a low amount of austenite, while the microstructure in the homogenization
condition corresponded to martensite and retained austenite, which was verified by X-ray diffraction
tests. In order to design further production stages of the steel, the homogenized samples were
subjected to hot compression testing to determine their plastic flow behavior, employing deformation
rates of 0.083 and 0.83 s−1, and temperatures of 800 and 950 ◦C.

Keywords: advanced high-strength steels (AHSS); medium-Mn steel; phase equilibrium

1. Introduction

The use of advanced high-strength steels (AHSS) in automotive parts has increased in recent
years as they have been designed to meet the requirements of greater resistance while retaining their
performance and conformability [1]. The AHSS are classified into three generations, according to
their mechanical properties, mainly considering their ultimate tensile strength (UTS) and elongation
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(El.%) [2]. The first generation of AHSS reaches a UTS of more than 600 MPa, but with a ductility below
20%, limiting its formability. The second generation of AHSS reaches excellent formability combined
with resistance above 700 MPa and a ductility higher than 50%, but its high alloying elements content
(>17 wt.%) increases the cost and hinders its automotive application [3]. The requirements to increase
both resistance (UTS > 1200 MPa) and ductility (>30%) and reduce the alloying elements content and
the associated cost have aroused interest in the development of the third generation of AHSS.

One type of steel that covers the combination of properties attributable to the third generation is the
so-called “medium-Mn steel” [4]. This steel has a concentration of Mn in the range of 4–12 wt.% [5]. This
steel is processed by intercritical annealing between the Ac1 and Ac3 intercritical temperatures, which
is also named austenite-reverted-transformation (ART) annealing. As a consequence of ART annealing,
the microstructure consists mainly of a large fraction of retained austenite (γR), ultrafine ferrite, and a
small amount of martensite, which are responsible for the excellent mechanical properties that are
attributed to medium-Mn steel. ART annealing is critical to obtain the retained austenite because the
temperature and time strongly affect its volume fraction and mechanical stability [6–8], which triggers
the phenomenon of twinning-induced plasticity (TWIP) and/or deformation transformation-induced
plasticity (TRIP) during tensile deformation, improving the formability of AHSS [9,10]. Recently,
Dong-Woo and Sung-Joon summarized some representative mechanical properties and austenite
volume fractions of medium-Mn steels reported in the literature [11]. The ultimate tensile strength
(UTS), total elongation (T. El), and austenite volume fraction (γR) are in the range of 808-1409 MPa,
15–58%, and 8–78%, respectively.

Although tensile properties such as tensile strength (UTS) and percentage of elongation (El.%) of
the medium-Mn steels are extraordinary, an enhancement in the mechanical properties of these steels
is still sought. In this sense, the use of micro-alloying elements such as Nb, V, Mo, and Ti has been
recently used for this purpose [12–14]. However, the number of published studies on the effect of
micro-alloying elements in medium-Mn steels is currently limited.

In addition, the deformation behavior of this new steel grade at high temperature has not been
extensively studied. On an industrial scale, hot deformation processes such as rolling are carried out
in austenitic and austenitic–ferritic phase regions in the interval between 800 and 1100 ◦C. For this
reason, it is important to understand the microstructure evolution and plastic flow behavior around
these temperatures. This will aid the design and optimize hot rolling process parameters such as the
rolling temperature range, load requirements, strain rate, and pass reduction schedule. Nevertheless,
previous studies have been mainly focused on the hot flow behavior of medium-Mn steel without
micro-alloying elements [15–17].

Moreover, computer simulations have become indispensable for efficiently designing and
developing these steels with specific properties for automotive applications. In this sense, it is
essential to use simulated diagrams that allow for the study of the thermodynamic stability of the
phases and their transformations, thus selecting the optimal route for heat treatment to achieve a
given set of properties. Consequently, the simulated diagrams obtained through software such as
Thermo-Calc® and JMatPro® have been widely used for this purpose [18,19].

Therefore, the objective of this investigation is to analyze the stable phases at room temperature
in as-cast and homogenized states by thermodynamic simulation software in conjunction with
microstructural characterization and the influence of deformation temperatures (850 and 900 ◦C) and
strain rates (0.08 and 0.8 s−1) on the hot flow behavior of medium-Mn steel micro-alloyed with Nb.
For this purpose, Fe–C phase diagrams and property diagrams were calculated, and the predicted
microstructure was qualitatively validated by experimental methods. Thereafter, hot compression
tests were done to test whether Nb would exhibit a refining effect in the microstructure of this steel, as
has been reported previously in high-strength low-alloy (HSLA) steels. This model will be used in the
simulation of further stages of the hot working processing of this steel.
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2. Materials and Methods

Thermodynamic calculation was performed to analyze the equilibrium phases and the
corresponding property diagram of medium-Mn steel by using the TCFE9 database of the Thermo-Calc
software v2018b (Thermo-Calc Software Inc., Solna, Sweden) [20,21] for the following nominal
composition: Fe-0.14C-1.5Al-1.7Si-6.5Mn-0.1Nb (wt.%). Afterward, the medium-Mn steels were
produced in a vacuum induction melting furnace. Rectangular bars of 100 mm × 100 mm and 250 mm
in length were obtained after a casting and solidification process. Subsequently, square samples of cast
steel of 30 mm × 30 mm with a thickness of 5 mm were homogenized in a tube furnace at 1200 ◦C for
2 h followed by water quenching. Thereafter, the Rockwell hardness of the as-cast and homogenized
samples was measured. The average value was calculated from 10 indentations. The homogenized
steel samples were machined into cylindrical pieces 10 mm high and 5 mm in diameter to carry out the
hot compression tests. These tests were performed in the universal testing machine Instron model
1100 of 60 tons of capacity (Instron corporation, Norwood, MA, USA). Hot compression tests were
performed with strain rates of 0.083 and 0.83 s−1 and temperatures of 800 and 950 ◦C, using TiO2 as
a lubricant.

The metallographic analysis was used to characterize the as-cast and homogenized alloy. Optical
microscopy (OM) and scanning electron microscopy (SEM) were used to observe the microstructures of
the steel. The samples for optical and electron microscopy were color-etched as follows: Pre-etching for
1–2 s in Nital solution followed by etching for 20 s in sodium metabisulfite solution. The microstructural
examinations were performed on an Olympus GX51-inverted reflected light microscope (Olympus
Corporation, Tokyo, Japan) and a JEOL-6610LV scanning electron microscope at 30 kV (JEOL Ltd.,
Tokyo, Japan).

The phases present in the as-cast and homogenized conditions were determined by X-ray
diffraction using the diffractometer Rigaku D/Max2200 (Rigaku Corporation, Tokyo, Japan) employing
a Cu-Kα radiation source (λ = 1.5405 Å). The scanning range and step size were 30–100◦, 1 s/step, and
0.02◦, respectively. The MAUD software v2.92 (Luca Lutterotti, University of Trento, Italy).

Join institution (based on the Rietveld refinement method) was used for quantitative analysis by
using the PDF-2/Release 2010 database. According to the powder diffraction file (PDF) database of the
International Centre for Diffraction Data (ICDD), the PDF card number of austenite and ferrite phases
was 00-052-0513 and 00-006-0696, respectively.

JMatPro software7.0.0 (Sente Software Ltd., Guildford, UK) was used to calculate the
time–temperature transformation (TTT) and continuous cooling transformation (CCT) diagrams,
to explain the evolution of the phases as a function of both time and temperature parameters during
solidification and homogenization processes. It was necessary to evaluate the previous austenite grain
size and the chemical composition in the as-cast state in order to build these diagrams. The CCT
diagram was calculated at 1400 ◦C because, at that temperature, the steel had completely solidified
while the TTT diagram was calculated at 1200 ◦C, because the homogenization heat treatment was
performed at that temperature.

3. Results and Discussion

3.1. Thermodynamic Calculations

In order to predict the microstructure of the as-cast medium-Mn steel alloyed with Nb, its
pseudo-binary phase diagram was simulated using Thermo-Calc software and is plotted in Figure 1a.
The diagram predicts that the delta ferrite (δ) phase is formed from the liquid when the temperature
decreases to around 1460 ◦C. As the cooling progresses, the solidification is completed at a temperature
of 1400 ◦C, and below this temperature, the delta ferrite (δ) phase begins to transform into the austenite
(γ) phase. Around 1300 ◦C, the transformation of the δ to γ phase is completed and the formation of
the NbC phase begins. The formation of NbC ends when the temperature decreases to about 840 ◦C.
Starting from this temperature and until it reaches about 620 ◦C, a part of the γ phase dissolves to form
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ferrite (α), resulting in a phase-field where γ + α +NbC coexists. Below 620 ◦C, the transformation
of γ to cementite occurs. Around 460 ◦C, the cementite is transformed into M23C6 carbides and at
340 ◦C, the remaining γ is transformed into the β-Mn phase. Then, in the range from 200 ◦C to room
temperature, the stable phases are α + M23C6 + NbC + β-Mn. In the range from 200 ◦C to room
temperature, the β-Mn phase transforms to α-Mn. Finally, the stable phases at room temperature are α

+M23C6 + NbC + α-Mn.

  
(a) (b) 

 
(c) 

Figure 1. Simulated diagrams obtained by using Thermo-Calc software: (a) Pseudo-binary phase
diagram, (b) amount of niobium in the phases as a function of temperature, and (c) amount of phases
as a function of temperature.

In Figure 1b, it is predicted that in the stable region of austenite, from 840 to 1380 ◦C, Nb is
present as a solute or as an NbC phase. The presence of Nb in both states affects the high-temperature
thermomechanical processing in the austenite region. Solute Nb retards austenite recrystallization
and grain growth after deformation through the solute drag effect. In addition, solute Nb delays the
transformation kinetics from γ to α. On the other hand, the NbC phase can serve as additional ferrite
nucleation sites and increases the rate of transformation from γ to α.

Furthermore, the temperatures Ac1 and Ac3 (intercritical temperatures calculated by Thermo-Calc)
are 620 and 840 ◦C, respectively, and the temperature at which the volume fraction of austenite and
ferrite is equal is 714 ◦C, as shown in Figure 1c. Defining these temperatures will serve to optimize the
further processing by the application of the intercritical annealing process as the annealing temperature
and time determine the microstructure, specifically, the volume fraction of retained austenite (γR)
and, in turn, the mechanical properties of the steel. However, it is important to note that some
equilibrium phases at lower temperatures might not form in the as-cast microstructure due to a cooling
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rate, unlike the thermodynamic equilibrium experiment during solidification. In order to deepen the
understanding regarding the solidification and homogenization according to the cooling rate, JmatPro
software was employed and the CCT and TTT transformation diagrams were built (Figure 2).

Figure 2. Diagrams simulated by using JMatPro software: (a) Transformation diagram in continuous
cooling (CCT) and (b) time–temperature transformation diagram (TTT).

The cooling rate during solidification was close to 10 ◦C/min, which was measured using a
thermocouple attached to the ingot mold. As shown in Figure 2a, this cooling rate crossed the start
of ferrite formation and shows that neither perlite nor bainite could form in the sample. Therefore,
according to the CCT diagram, it is expected that the microstructure in the as-cast state only consisted
of martensite and ferrite. On the other hand, as shown in Figure 2b, at approximately 750 ◦C and 30 s,
ferrite formation started, so the microstructure after the homogenization heat treatment is expected
to be formed only by martensite and probably some retained austenite as the cross-section of steel
samples was smaller than 5 mm and the quenching process was done in less than 15 s.

3.2. Microstructural Characterization of As-Cast and Homogenized Samples

X-ray diffractograms measured in the as-cast and homogenization condition are shown in
Figure 3a,b. It can be noted that, in the first condition, there are several strong peaks from
ferrite/martensite phases that formed during solidification. Weak diffraction signals are observed
from the austenite phase in the corresponding diffractogram. On the other hand, it is evident
that the austenite peak intensity increased after the steel was homogenized and quenched, while
the intensity of the peaks from the ferrite/martensite phases decreased slightly. According to the
thermodynamic calculation shown in Figure 2b, the microstructure was composed of martensite after
homogenization and quenching. However, due to the segregation present in the microstructure, even
after homogenization, there are regions in which the austenite phase was retained.

A quantitative analysis was performed using MAUD software, which is based on the Rietveld
refining method [22]. It is shown that the austenite content in the as-cast condition was 2% (sigma
= 1.49, Rwp (%) = 49.03), while this amount increased to 20% (sigma = 1.27, Rwp (%) = 39.03),
after homogenization and quenching. Although austenite is a softer phase compared to martensite,
the increment in the amount of the former phase after homogenization and water quenching was
not reflected in the hardness of the steel, which was 5.03 GPa (50 HRc) in the as-cast condition
and 5.83 GPa (55 HRc) after homogenization and quenching. This increment in hardening can be
attributed to the dissolution and re-distribution of all alloying elements in the austenite matrix during
the homogenization treatment, as it is shown in Figure 4, which was calculated by Thermo-Calc
simulations. Consequently, solid solution strengthening had a higher effect in martensite formed from
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the homogenization compared to the same phase in the as-cast state as Mn, Al, and Si were completely
dissolved at 1200 ◦C.

Figure 3. X-ray diffractograms of (a) as-cast and (b) homogenized samples.

Figure 4. Distribution of alloying elements in the austenite matrix as a function of temperature.

The microstructure was characterized before and after homogenization heat treatment. Figure 5a,b
and Figure 5c,d are optical and scanning electron microscope images showing the typical microstructure
of the as-cast condition. Figure 5a,b show that the microstructure was composed of martensite with
some off-white ferrite in the grain boundaries. Figure 5c shows that the morphology of this martensite
was thin laths. Inside the laths, some carbide precipitates were observed (Figure 5d); presumably,
these carbides can be of type Mn23C6 or cementite according to Thermo-Calc predictions (Figure 1b).
Recently, the former type was observed in 0.086%C–8.05%Mn–0.138%Si–0.0215%Al–Fe (wt.%) in the
as-cast condition [19] and the latter has been reported to occur in GX12CrMoVNbN9-1 (GP91) cast
steel [23]. When there is carbide precipitation in martensite laths, usually as small bars or plates
morphologies, the phenomenon has been reported in the literature as auto-tempered martensite [24,25].
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Figure 5. (a,b) Optical and (c,d) scanning electron microscope images showing the microstructure of
as-cast condition.

At the same magnification, in Figure 6a,b and Figure 6c,d the microstructure of the steel is shown
after homogenization and water quenching. Figure 6a,b show that the microstructure consisted of
lath martensite in addition to retained austenite. On the other hand, there is no ferrite evidence in
the microstructure. The absence of this phase is the result of the cooling rate (water quenching),
considering that it was high enough to avoid the formation of this phase in agreement with the CCT
diagram. The above results matched well with the diagrams simulated via JMatPro® and X-ray
diffraction tests. Likewise, in Figure 6c, martensite laths are observed, but the presence of carbides
inside the laths is not evident. As the homogenization was performed at 1200 ◦C, this temperature
allowed M23C6 and/or cementite formed in the as-cast state to dissolve in the austenite, resulting in a
greater amount of carbon available to incorporate in solid solution into this phase. On the other hand,
in Figure 6d,e, the presence of NbC carbides in the austenite, previous grain boundaries, and their
corresponding energy-dispersive X-ray (EDX) spectrum can be seen. The carbide evidence coincides
with Thermo-Calc simulations, as according to Figure 1b, at 1200 ◦C, the Nb is both in the form of
carbide and solid solution in the austenite matrix.
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Figure 6. (a,b) Optical and (c,d) scanning electron microscope images showing the microstructure of
the homogenized condition; (e) energy-dispersive X-ray (EDX) spectra of Nb carbides.

Figure 7 shows the results of the characterization of inclusions of the steel in the as-cast condition
by means of the energy-dispersive X-ray (EDX) technique. The measurements confirmed the presence
of coarse particles of aluminum nitrides (AlN) (Figure 7a) and small particles of manganese sulfides
(MnS) (Figure 7b).
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Figure 7. Micrographs of SEM and energy-dispersive X-ray (EDX) spectra of the inclusions present in
the steel in casting condition. (a) AlN, (c) MnS, and (b,d) EDX spectra of inclusions.

3.3. The High-Temperature Flow Stress Behavior

As mentioned earlier, hot deformation is carried out on an industrial scale in the temperature
range from 800 to 1100 ◦C. For this reason, hot compressions were carried out considering both γ

+ NbC and γ + α + NbC phase regions to observe the effect of these phases on the hot plastic flow
behavior. Therefore, Figure 8 shows the high-temperature flow curves of the medium-Mn steels with
0.1% Nb at two different deformation temperatures (800 ◦C and 950 ◦C) and two strain rates (0.083
and 0.83 s−1). All the curves show a similar behavior where the flow stress increases with decreasing
deformation temperature and increasing strain rate. In addition, the curves show a steady-state flow
stress after they reach the highest stress. This behavior is characteristic of the softening process called
dynamic recovery, which may occur during deformation at high temperatures. The main reason for
this behavior is that a higher strain rate gives rise to a higher dislocation density, which will promote a
higher stored energy and flow stress, while a higher deformation temperature weakens the resistance to
dislocation motion, consequently reducing work hardening. These results are consistent with previous
research about the effect of Nb on hot plastic flow behavior [26,27]. On the other hand, the results do
not match at low strain rates [26,27], because, in contrast to the aforementioned investigations, we did
not observe dynamic recrystallization evidence (DRX).

This disagreement may be associated with the presence of Nb, because, as predicted by
Thermo-Calc calculations (Figures 1b and 4), in the stable region of austenite (840–1380 ◦C), this
micro-alloying element is present both in the form of carbides and as Nb in solution in austenite.
According to Thermo-Calc, the amount of Nb as solute and as NbC at 800 ◦C is close to 0.2 and 0.8 wt.%,
respectively, whereas at 950 ◦C, it is approximately 0.4 and 0.6 wt.%, respectively.

Xiao et al. [28] suggested that the Nb in solution has a greater inhibiting effect on austenite
dynamic recrystallization than NbC during hot deformation. However, it should be mentioned that, at
present, there are very few published studies regarding the effect of niobium in medium-manganese
steels during its thermomechanical processing [29].
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(a) (b) 

Figure 8. Hot flow curves of medium-Mn steel with 0.1% Nb analyzed at two temperatures (800 and
950 ◦C); and constant strain rates of (a) 0.083 and (b) 0.83 s−1.

The modified Johnson–Cook model was selected to develop the hot constitutive equation of
the analyzed steel [30]. This constitutive equation will aid further simulation by the finite element
of the thermomechanical forming processes to which the material will be subjected. The modified
Johnson–Cook model was proposed by Lin et al. [30]:

σ =
(
A1 + B1ε+ B2ε

2
)(

1 + C1 ln
.
ε
∗) exp

[(
λ1 + λ2 ln

.
ε
∗)(T − Tre f

)]
, (1)

where A1, B1, B2, C1, λ1, λ2 are material constants, σ is the equivalent stress, ε is the equivalent
plastic strain, and

.
ε
∗
=

.
ε
εre f

is the dimensionless strain rate. εre f and Tre f are the reference strain and
reference deformation temperature, respectively. In this experiment, the reference strain and reference
temperature were 0.83 s−1 and 800 ◦C, respectively, to determine the material constants in Equation (1).

To determine the A1, B1, B2 constants, the reference temperature Tre f = 800 ◦C and reference
deformation εre f = 0.83 s−1 were substituted into Equation (1), which transforms to

σ = A1 + B1ε+ B2ε
2. (2)

Substituting stress and strain data under the deformation conditions, a σ ∼ ε curve was drawn,
two-order polynomial fitting was conducted, and the values of A1, B1, and B2 were determined to be
232.92, 131.87, and −551.35 MPa, respectively.

The constant C1 was determined by substituting the reference temperature Tre f = 800 ◦C into
Equation (1), which transforms to

σ =
(
A1 + B1ε+ B2ε

2
)(

1 + C1 ln
.
ε
∗). (3)

Rearranging Equation (3):

σ

A1 + B1ε+ B2ε2 = 1 + C1 ln
.
ε
∗. (4)

At two different strain rates of 0.083 and 0.83 s−1, the stress values corresponding to eight strain
values of 0.06, 0.07, 0.08, 0.09, 0.10, 0.15, 0.20, and 0.25 were selected. A total of 16 groups of data were
gained. Substituting these data and A1, B1, and B2 into Equation (4), a σ

A1+B1ε+B2ε2
∼ ln

.
ε
∗ curve was

drawn, and it was linearly fitted, obtaining C1 = 0.1208.
Then, to determine λ1 and λ2 constants, the equation was rearranged in the following form:

σ

(A1 + B1ε+ B2ε2)
(
1 + C1 ln

.
ε
∗) = exp

[(
λ1 + λ2 ln

.
ε
∗)(T − Tre f

)]
. (5)

132



Metals 2020, 10, 206

Natural logarithms were taken on both sides of Equation (5), obtaining

ln

⎧⎪⎪⎨⎪⎪⎩
σ

(A1 + B1ε+ B2ε2)
(
1 + C1 ln

.
ε
∗)
⎫⎪⎪⎬⎪⎪⎭ =
[(
λ1 + λ2 ln

.
ε
∗)(T − Tre f

)]
. (6)

At two different strain rates of 0.083 and 0.83 s−1 and two different deformation temperatures
of 800 and 900 ◦C, stress values corresponding to the eight above-mentioned strains were taken. A
total of 32 groups of data were obtained. Substituting these data and A1, B1, B2, and C1 into Equation

(6), ln
{

σ
(A1+B1ε+B2ε2)(1+C1 ln

.
ε
∗)

}
∼
(
T − Tre f

)
curves were drawn under the two strain rates, and a linear

fitting was done. The values of λ1 + λ2 ln
.
ε
∗ under strain rates of 0.083 and 0.83 s−1 were determined

to be −0.0022 and −0.0010, respectively.
Finally, a λ1 + λ2 ln

.
ε
∗ ∼ ln

.
ε
∗ curve was drawn and fit to a line, obtaining λ1 = −0.0022 and

λ2 = −0.0005 from this fitting procedure.
Therefore, the constitutive equation that relates the stress σ, strain ε, deformation rate

.
ε, and

deformation temperature T was established according to the modified Johnson–Cook model:

σ =
(
232.92 + 131.87 ε− 551.35 ε2

)(
1 + 0.1208 ln

.
ε
εre f

)
exp
[(
−0.0022− 0.0005 ln

.
ε
εre f

)(
T − Tre f

)]
. (7)

The comparison between experimental flow stress values and predicted values by the modified
Johnson–Cook model is shown in Figure 9a,b. It can be observed that the predicted and experimental
values displayed minor deviations; however, it has acceptable relative accuracy, which was
demonstrated by the calculation of the correlation coefficient (R) and mean absolute relative
error (MARE).

 
(a) (b) 

Figure 9. Comparison between experimental and predicted values by the modified Johnson–Cook
model at two temperatures (800 and 950 ◦C); and constant strain rates of (a) 0.083 and (b) 0.83 s−1.

The correlation coefficient (R) and mean absolute relative error (MARE) were used to provide
information on the accuracy and effectiveness of the linear relationship between experimental and
predicted values and measuring the predictability of a numerical model, respectively, as it is shown on
Figure 10. The correlation coefficient was 0.9962 and the corresponding mean absolute relative error
was 1.43%. Finally, it is important to point out that this model can only be used effectively for the
simulation of the mechanical behavior of medium-Mn steel with 0.1 wt.% Nb in the range of the strain
rate and deformation temperature conditions under which it was established [30].
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Figure 10. The proximity of experimental and predicted values by the modified Johnson–Cook model.

4. Conclusions

(1) We found that the microstructure of the medium-Mn steel with 0.1 wt.% Nb consisted
of lath martensite, ferrite, and small retained austenite in the as-cast condition, whereas,
in the homogenized condition, the microstructure was lath martensite and retained austenite.
The volume fraction of retained austenite in the as-cast and homogenized conditions was 2 and
20%, respectively.

(2) The thermodynamic simulation of the equilibrium diagram allowed the selection of
homogenization parameters and the predicted precipitation of carbides of the type M23C6 and/or
NbC. Experimental observations confirmed the existence of these carbides in the homogenized
condition along the previous austenite grain boundaries.

(3) We found that Nb delayed recrystallization during hot plastic deformation as the stress–strain
curves did not show any peak stress and only showed a steady-state flow stress value after
reaching the highest stress. These results were associated with the NbC precipitates, as well as
Nb in solid solution.

(4) The constitutive equation established by the modified Johnson–Cook model and its corresponding
parameters were calculated by fitting the experimental data, and the accuracy of the constitutive
equation obtained was verified by using the correlation coefficient (R) and mean absolute relative
error (MARE), which were 0.9962 and 1.42%, respectively.
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Abstract: The microalloying with niobium (Nb) and titanium (Ti) is standardly applied in low
carbon steel high-strength low-alloy (HSLA) steels and enables austenite conditioning during
thermo-mechanical controlled processing (TMCP), which results in pronounced grain refinement in
the finished steel. In that respect, it is important to better understand the precipitation kinetics as well
as the precipitation sequence in a typical Nb-Ti-microalloyed steel. Various characterization methods
were utilized in this study for tracing microalloy precipitation after simulating different austenite
TMCP conditions in a Gleeble thermo-mechanical simulator. Atom probe tomography (APT), scanning
transmission electron microscopy in a focused ion beam equipped scanning electron microscope
(STEM-on-FIB), and electrical resistivity measurements provided complementary information on the
precipitation status and were correlated with each other. It was demonstrated that accurate electrical
resistivity measurements of the bulk steel could monitor the general consumption of solute microalloys
(Nb) during hot working and were further complemented by APT measurements of the steel matrix.
Precipitates that had formed during cooling or isothermal holding could be distinguished from
strain-induced precipitates by corroborating STEM measurements with APT results, because APT
specifically allowed obtaining detailed information about the chemical composition of precipitates as
well as the elemental distribution. The current paper highlights the complementarity of these methods
and shows first results within the framework of a larger study on strain-induced precipitation.

Keywords: niobium-titanium microalloyed steel; electrical resistivity; atom probe tomography;
scanning electron microscopy

1. Introduction

The development of weldable low-carbon steels with high mechanical strength and good toughness
is the basis for many modern applications in the structural, energy, and automotive sectors. Key to
this steel development is the use of microalloying in combination with thermo-mechanical controlled
processing (TMCP) [1–4]. Such high-strength low-alloyed (HSLA) steels are being produced as strip
and plate products covering a wide range of thicknesses and yield strength levels up to 700 MPa.
The involved strengthening mechanisms are in first place grain refinement followed by precipitation
and dislocation strengthening. Grain refinement in combination with low carbon content is particularly
effective in lowering the ductile-to-brittle transition temperature (DBTT) and increasing the ductile
plateau toughness.
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Microalloying elements, in particular niobium and titanium, play a major role in achieving these
strengthening mechanisms. Grain refinement in the final product starts with preventing excessive
austenite coarsening during soaking treatment. Therefore, particles insoluble at that high temperature
(>1200 ◦C), typically consisting of TiN, are required [5]. Niobium ideally is brought into solution by
the soaking treatment. It is the most efficient microalloying element for suppressing recrystallization
during rolling at lower austenite temperatures [6]. The obstruction of recrystallization is caused by
solute drag of niobium atoms segregated to the austenite grain boundary, as well as by grain boundary
pinning after strain-induced precipitation of small Nb(C,N) particles [5,7]. Any niobium left in solid
solution after austenite conditioning has further metallurgical effects that contribute to strengthening.
Solute niobium delays the austenite-to-ferrite transformation provoking under-cooling and thus further
refining grain structure, or in combination with accelerated cooling, promoting transformation into
bainite [8]. Depending on the finishing conditions, solute niobium can also precipitate as ultra-fine
particles in ferrite, enhancing strength according to the Orowan-Ashby mechanism [9]. Therefore, it is
of great importance to predict and verify the solute and precipitate status of microalloying elements
along the entire process route.

In Nb-Ti dual microalloyed steels, a considerable fraction of the nominal titanium addition
precipitates at the late stages of solidification caused by segregation of titanium and nitrogen to the
residual melt. Any titanium that has not precipitated during solidification does so at temperatures
below 1200 ◦C, even in undeformed austenite as detailed by Kunze et al. [10]. At higher austenite
temperatures, these precipitates nucleate on dislocations, yielding particle rows or tapes where the
particle diameters are in the range of 20 to 50 nm. Below 1000 ◦C, supersaturation becomes so high
that nucleation of TiN can also take place in the matrix resulting in randomly distributed particles with
sizes below 15 nm [10].

Niobium carbide has quite a good solubility in low-carbon steels. For industrially relevant carbon
and nitrogen levels, more than 0.1 wt. % Nb can be dissolved at 1200 ◦C [11]. The niobium solubility
diminishes with decreasing temperature to a value of around 0.01 wt. % at 900 ◦C. Despite this,
sufficient supersaturation allowing spontaneous precipitation of NbC in the matrix is not being reached.
However, heterogeneous nucleation of NbC on pre-existing TiN particles is possible. It has been found
that up to 0.02 wt. % niobium can be trapped in this way [12,13]. The amount of solute niobium
effective for retarding recrystallization is therefore reduced [5,7,14]. This can be overcome by increasing
the amount of niobium added to the steel. Higher niobium additions are also motivated by the increase
of the temperature of non-recrystallization (TNR) enabling higher finish rolling temperatures and thus,
yielding better efficiencies in the mill [15,16].

The precipitation of niobium at lower austenite temperatures, where solubility is sufficiently
reduced and supersaturation occurs, is greatly facilitated by introducing deformation [11]. This is
shown schematically in Figure 1. The precipitation kinetics reaches a maximum at temperatures
between 950 and 900 ◦C [17,18]. Rolling in that temperature range induces simultaneous precipitation
of NbC thereby strongly obstructing the recrystallization of deformed austenite grains. It is also
obvious that rolling schedules adopted by hot strip mills result in a much lower amount of niobium
precipitation than plate mill rolling schedules.

The niobium left in solute solution after rolling is available for precipitation during or after the
phase transformation from austenite to ferrite. These NbC precipitates can nucleate as a consequence
of partitioning and local supersaturation in the vicinity of the moving phase front, known as interphase
precipitation [19,20]. Spontaneous precipitation after phase transformation can occur by nucleation on
dislocations or by a mechanism of replacing iron by niobium atoms in previously formed nano-cementite
particles as described by Hin et al. [21]. The kinetics of spontaneous niobium precipitation in ferrite is
also relatively slow under typical finishing conditions for plate and strip products (Figure 2) [22]. It is
apparent that even under hot finishing conditions, niobium precipitation will not be complete. Colder
finishing conditions promoting bainite formation largely prevent niobium precipitation. Secondary
heat treatment such as tempering, however, allows nearly complete precipitation [23].
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Figure 1. Schematic of rolling pass schedules in the thermo-mechanical controlled processing (TMCP)
regime for strip and plate mills with respect to TNR (dashed line) and precipitation (PPT) kinetics.

 
Figure 2. Kinetics of spontaneous NbC precipitation in ferrite in an experimental high-Nb steel after
solution annealing and quenching [22]; typical cooling curves and tempering conditions are indicated.

The optimum exploitation of niobium with regard to the aforementioned physical metallurgical
effects demands a precise knowledge of the solute niobium status before and after hot deformation.
Numerous studies exist on how to calculate the behavior of microalloying elements using
thermodynamics, which was recently summarized [24]. Several techniques that either directly
or indirectly measure the niobium in solution exist. Early work of LeBon et al. [25] used hardness
testing to quantify the amount of precipitated niobium based on the assumption of a higher hardness
being due to less niobium in solution. However, such measurements are liable to misinterpretation
caused by competing effects on the hardness.

Electrical resistivity measurements of alloys rely on the principle that solute precipitant elements
are consumed while precipitation advances. As the iron matrix of the steel is more and more depleted
of elements participating in precipitation, the resistivity of the steel drops because solute elements are
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stronger scattering centers for electrons in comparison to precipitates. Simoneau et al. [26] measured the
electrical resistivity of niobium-microalloyed steels isothermally held at 900 ◦C for different times and
found a good correlation with different precipitation stages. Park et al. [27] estimated the dissolution
temperature of a Nb-microalloyed steel to be the point where the electrical resistivity reached a plateau
and verified it by using transmission electron microscopy (TEM) replica. Jung et al. [28,29] expanded
this technique to the more complex Nb-Ti-V system to investigate the precipitation behavior in
thermo-mechanically processed microalloyed steels with and without deformation in the austenite
field. By applying the lever rule to the resistivity curve, they could show that the precipitation mole
fraction of pre-strained samples increases earlier with respect to unstrained samples. These reported
results rely on the fact that the upper and lower limit of the electrical resistivity are tied to the total
dissolution or precipitation of niobium, respectively. However, for (Nb,Ti)(C,N) steels, the maximum
amount of niobium in solution is generally less than the nominal amount due to the above-mentioned
reasons. Therefore, in that case, the electrical resistivity curves need to be calibrated on the actual
amount of niobium in solution.

One common technique to assess the amount of solute niobium is the extraction of precipitates
by dissolving the metallic matrix in acid. Subsequently, filtering the precipitates from the solution
and measurement of both filter and filtrate yields the niobium precipitated and in solid solution,
respectively [16,30]. This method ensures a very elegant and statistically significant measurement.
However, it cannot be excluded that small precipitates either pass through the filter or partially dissolve
during the extraction and thereby bias the analysis of solute niobium concentration.

A feasible alternative is given by atom probe tomography (APT), which detects all elements
with the same high sensitivity and a spatial resolution in the sub-nanometer range [31]. Therefore,
the technique applies especially well to investigation of segregation lines or nanometer-sized precipitates.
Furthermore, APT can also measure the chemical composition of the matrix, excluding even the smallest
precipitates or clusters inside the composition calculation [32], contrary to other spectroscopy techniques.
APT was used to characterize (Nb,Ti)(C,N) particles formed during hot-rolling of microalloyed HLSA
steels [33–37]. Nöhrer et al. investigated the influence of deformation level [33], while Kostryzhev and
Pereloma et al. investigated the influence of the deformation temperature [34,35] on the precipitation
of (Nb,Ti)(C,N) in low-alloyed steels. Due to the small analysis volume of APT measurements,
quantitative data of the precipitation number density or size distribution must be treated with caution.
(S)TEM characterization, which is often used to obtain counting statistics, is liable to misinterpretation
because of the user-dependent production of thin foils or carbon replica films. In addition, depending
on the user, there might be a precipitate size range that will be not detected by either APT or TEM.
This might be also due to the loss of smallest precipitates during excessive etching when producing the
replica, as shown in the case of Kostryzhev et al. [35].

Accordingly, the correlation and calibration of electrical resistivity measurements on the APT
analysis of precipitates and matrix offers a high potential for obtaining meaningful quantitative data for
the precipitation kinetics of (Nb,Ti)(C,N). This can help to establish a guideline for the heat treatments
during steel processing.

In this work, APT was used to detect and differentiate precipitates that form during various TMCP
stages, in combination with scanning transmission electron microscopy (STEM-on-FIB). Furthermore,
the amount of solute niobium measured by APT for different processing stages was correlated with the
electrical resistivity method. It was shown that both, deformation level and temperature during hot
working, could be distinguished based on electrical resistivity. Finally, the composition of precipitates
formed at lower austenite temperature as well as after transformation to ferrite was characterized
with APT.

2. Materials and Methods

The current study was conducted on a laboratory melt of a Nb and Ti dual-microalloyed steel
according to the composition as listed in Table 1. Similar compositions are in industrial use for
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advanced linepipe or structural steel grades either produced as plate or hot-rolled strip. The weight
percent ratio of titanium and nitrogen in this analysis has a value of 3.4 corresponding almost exactly
to an atomic Ti:N ratio of 1:1.

Table 1. Steel composition.

Element C Si Mn P Cr Mo Ni Cu Al N Nb Ti

wt. % 0.042 0.32 1.69 0.012 0.036 0.021 0.195 0.215 0.033 0.005 0.085 0.017

Cylinders of as-cast material were cut into a dimension of 16 mm length and 8 mm diameter.
The sample cylinders were then thermo-mechanically processed in a Gleeble 3800 simulator (Dynamic
Systems Inc., Poestenkill, NY, USA), using a hot-compression module with compressed helium gas
as quenching medium. A schematic of the different heat-treatment simulations is shown in Figure 3.
It consisted of an austenitizing stage at 1200 ◦C for 10 min, followed by cooling down to the deformation
temperatures of 950 ◦C, 900 ◦C, and 850 ◦C, respectively, with a rate of 5 ◦C/s. Double-hit compression
tests (ε = 0.3 + 0.3) with variable inter-pass times (ranging from 2 to 100 s) were performed to determine
the non-recrystallization temperature (TNR) and to reveal the softening stasis. Single-hit compression
tests (ε = 0.3 or ε = 0.6) and subsequent isothermal holding periods ranging from 2 to 6000 s followed
by quenching were performed to characterize strain-induced precipitation. Additional samples were
directly quenched from temperatures of 1200 ◦C and 950 ◦C without deformation, whereas one sample
was held isothermally at 670 ◦C for 1 h after cooling down from 1200 ◦C, and subsequently quenched.
These treatments aimed at characterizing the precipitation status before austenite deformation as well
as after the austenite-to-ferrite transformation.

 
Figure 3. Schematic of the simulated heat treatments. Samples were characterized as-quenched
(Q) from austenitization temperature or cooled down to deformation temperature TDef = 950, 900,
and 850 ◦C with varying strain ε, holding times t, and quenching/second compression to measure
the softening, and air cooling (AC). In addition, one sample was cooled down from austenitization
temperature, aged at 670 ◦C for 1 h, and quenched afterwards.

For each TMCP-stage described above, cylindrical samples were machined for electrical resistivity
measurements by cutting cylinders of length 10 mm and diameter 5.6 mm from the thermo-mechanically
deformed samples. The rather short length is due to constraints originating from the maximum cylinder
length which could be treated in the Gleeble compression module without buckling. The setup for
measuring the electrical resistivity was a 4-point measurement, as described in early works of Simoneau
et al. [26]. The voltage drop within fixed potential points on the sample is proportional to the internal
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resistivity. Oxides or contaminations with organic residue will greatly increase the resistivity and
produce erroneous values. Therefore, before measuring, the samples were further ground with 1200
grid sandpaper and cleaned with isopropyl alcohol to establish the most optimal surface conditions.
The temperature was maintained at 23 ◦C for all measurements.

For selected samples, cylinders were also cut along the length and the samples were prepared for
metallographic inspection by light-optical microscopy, carbon replica technique and APT. Polishing
with 6, 3, and 1 μm diamond suspension and a final oxide polishing using silica slurry (0.05 μm) was
conducted as final surface preparation steps. For all investigations, sample sections in the half-length
and quarter-width were investigated because at this position the local strain was calculated to be
approximately equal to the nominal strain during compression. Metallography for assessing the prior
austenite grain structure was conducted using hot aqueous supersaturated picric acid and images
were taken with a light-optical microscope Leica DM6000 (Leica Microsystems, Wetzlar, Germany).
The prior austenite grain sizes where analyzed by computational image analysis in the software
package AxioVision SE64 Rel. 4.9.1 (Carl Zeiss Microscopy GmbH, Jena, Germany) by applying simple
gray-level thresholding and watershed segmentation. Carbon replica were prepared by using a 2 vol. %
Nital etching after carbon coating and investigated in STEM-on-FIB (Helios NanolabTM 600, Thermo
Fisher Inc., Waltham, MA, USA, formerly FEI Company, Hillsboro, OR, USA). In the same setup,
electron dispersive spectroscopy (EDS) was conducted to obtain a qualitative chemical analysis of
selected precipitates. For this, each precipitate was measured with 50,000 X-ray photon counts.

APT was done using a LEAP 3000X HR (Cameca SAS, Gennevilliers, France, USA) with voltage
pulsing mode. APT analyzes specimen volumes of about 80 nm × 80 nm × 200 nm (typically tens
of millions of atoms). The instrumental details are described elsewhere [31]. The specimens were
prepared using the conventional lift-out technique in the FIB-SEM dual station (Helios NanolabTM 600,
Thermo Fisher Inc., Waltham, MA, USA, formerly FEI Company, Hillsboro, OR, USA) [38]. A final low
voltage milling at 2 kV was performed to minimize the gallium-induced damage. APT measurements
were done at 15% pulse fraction, temperature of around 60 K, pressure lower than 1.33 × 10−8 Pa,
frequency of 200 kHz and evaporation rate set at 5 atoms per 1000 pulses. All APT data reconstruction
was done within the software IVAS 3.6.14 (Cameca SAS, Gennevilliers, France, USA). The composition
measurements between detected precipitates and the steel matrix were adequately distinguished.
Precipitates were analyzed using a constant iso-concentration surface with 1 at. % Nb, which gave best
visual representation of the precipitate surfaces. Small clusters were analyzed using the maximum
separation method [39], whereas the steel matrix composition was measured using precipitation/cluster
or grain boundary/segregation-free volume of at least 1,000,000 atoms.

Lastly, the thermo-kinetic software MatCalc v 6.0 (Vienna, Austria, https://matcalc.at/) was used
for a computational simulation of the precipitation density of different deformation temperatures
and grades.

3. Results

Based on double-hit compression tests in the Gleeble apparatus and evaluation of respective
softening behavior (Figure 4a), significant softening retardation was measured below 975 ◦C.
The softening of double-compressed samples was recorded for constant temperatures between
1050 and 850 ◦C and after holding for 15 s. It equaled 20% at 963 ◦C and was defined as the TNR of the
laboratory steel [3]. Representative microstructures for all deformation temperatures were recorded in
light-optical microscopy after etching to reveal the prior austenite structure (Figure 4c). The mean
prior austenite grain (PAG) equivalent diameter decreased and the number of grains (edge grains in
micrographs excluded) increased with longer inter-pass times between compression hits (Figure 4b
and Table 2).
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Figure 4. (a) Softening behavior of austenite after Gleeble double-hit deformation recorded for different
deformation temperatures, (b) austenite grain size distribution as a function of the inter-pass time
between two deformation hits derived from (c) light-optical metallography of the respective prior
austenite microstructures after etching.

Table 2. Mean prior austenite grain (PAG) equivalent diameter and grain count in a 500 × 500 μm2 area.

Inter-Pass Time Mean PAG Equivalent Grain Diameter (μm) Number of Grains

2 s 27.35 4144
15 s 24.33 5121
100 s 22.59 5634

3.1. Electrical Resistivity Measurements

The electrical resistivity behavior as a function of the time elapsed after deformation is shown in
Figure 5 for the temperatures 850, 900, and 950 ◦C. For all temperatures, there was an almost steady
decrease of resistivity after deformation which slowed over time (note the logarithmic time axis).
Directly after the deformation, the resistivity was around 272 and 270 nΩm for samples deformed at
850 and 900 ◦C, respectively, and decreased to 266 and 264 nΩm after 6000 s. The resistivity of the
samples deformed at 900 ◦C was mostly lower than that for 850 ◦C, having an offset of roughly 1 nΩm.
For 950 ◦C, after 1200 s, the resistivity dropped below the respective values of 850 ◦C and 900 ◦C after
being larger for shorter holding times. The resistivity of the sample deformed at 900 ◦C and held
for 1200 s increased compared to other values and was reproduced in many different measurements.
When the deformation was increased to ε = 0.6, compared to ε = 0.3, the resistivity was lower even for
short holding times, and then dropped finally to resistivity values of roughly 259 nΩm. Just above this
value, with 261 nΩm, lay the electrical resistivity of the sample that was isothermally held at 670 ◦C
for 1 h.
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For these measurements to provide a quantitative understanding of the evolution of precipitation,
calibration on the solute niobium was carried out. This was achieved by using APT, as shown in
Section 3.3.

 
Figure 5. Evolution of electrical resistivity with the time after deformation for samples quenched from
deformation at 850 ◦C, 900 ◦C, and 950 ◦C with ε = 0.3 and ε = 0.6 and after quenching from isothermal
holding at 670 ◦C for 1 h.

3.2. Precipitate Characterization by STEM

Precipitation at different treatment stages was investigated by producing carbon replica films and
analyzing them using STEM-on-FIB. Samples directly quenched from 1200 ◦C revealed precipitates
that did not dissolve during the soaking treatment, whereas those quenched from 950 ◦C indicated
whether additional precipitates have formed during the cooling phase from soaking temperature.
Analyzing the same condition after deformation by a strain of ε = 0.6 and a holding time of 200 and
1200 s revealed newly formed strain-induced precipitates.

Figure 6a shows the precipitate population of a sample cooled down to 950 ◦C after soaking
at 1200 ◦C, followed by quenching. One can observe particles decorating the prior austenite grain
boundaries (indicated by white arrows), particle clusters inside the austenite grain and rather randomly
distributed particles. The stage after soaking at 1200 ◦C comprised aligned clusters of cube-shaped
particles having sizes of up to 80 nm that had not dissolved. Energy dispersive x-ray spectroscopy
(EDS) identified the particle composition as being Nb-rich TiN (Figure 6b). Al, Si, and Cu elemental
signals had their origin from the STEM setup. The particle clusters likely originated from casting
and had not dissolved during soaking. A fraction of smaller cube-shaped particles with a size of
around 12 nm, appeared to be rather pure TiN (Figure 6c). In addition, these particles must have
existed before the soaking treatment. Similar-sized particles are found carrying a Nb-rich layer on
two opposing sides (Figure 6d) that seemed to have nucleated on pre-existing TiN cubes. For part of
these compound particles, the Nb-rich layer had grown into a larger dimension (Figure 6e). However,
the Nb-rich layer appeared to grow only along one direction on opposite sides of the TiN core. Finally,
bean-shaped particles were found showing niobium and titanium peaks in the EDS spectrum, yet not
comprising a core-shell morphology (Figure 6f). All these particle species were also found in the
various hot-deformed samples.
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Figure 6. High Angular Diffraction Dark Field (HADDF)-STEM images of carbon replica films
comprising precipitates present after quenching from 1200 ◦C and 950 ◦C. (a) Grain boundaries
decorated by line-like precipitation of (b) large (approx. 80 nm), cube-shaped precipitates which EDS
identified as Nb-rich TiN. (c) Homogeneously distributed in the grain interior were TiN of smaller size
(<15 nm) as well as (d) TiN with heterogeneously nucleated Nb-rich caps, which (e) also could be larger.
(f) Nb- or Ti-rich Nb (or Ti)(C,N) were found with a homogeneous atom distribution.

After applying deformation, the precipitate population observed by STEM was strongly augmented
by a large amount of small precipitates which were homogeneously distributed inside the grains.
Figure 7 shows their size and distribution exemplarily on the sample deformed at 950 ◦C with a strain
of ε = 0.3. The size of precipitates is in the range of 5 to 20 nm depending on the holding period after
the compression hit, which was 200 and 1200 s, respectively. EDS shows that the precipitates are free
or nearly free of titanium even after prolonged holding times.
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Figure 7. Dark Field (DF)-STEM image and EDS spectra depict precipitates that had formed after hot
deformation at 950 ◦C, ε = 0.3, and holding for (a) 200 or (b) 1200 s.

3.3. APT Analysis of Precipitates and Solute Niobium Dtatus

Along with the precise analysis of precipitates, the precipitate-free material volume bore valuable
information as it allowed the determination of the amount of niobium dissolved in the steel matrix, or,
in other words, the characterization of the solute depletion after precipitation in the neighborhood.
Figure 8 compares the decreasing mass fraction of solute niobium measured by APT in the steel
matrix with the electrical resistivity as a function of the time elapsed after deformation (950 ◦C, ε = 0.3,
and 670 ◦C isothermally held for 1 h). For the deformed sample, the APT analysis revealed an initial
solute niobium content of 0.061 ± 0.009 wt. %, whereas the steel nominally contained 0.085 wt. %
niobium (Table 1). This indicates that the difference of around 0.024 wt. % niobium had precipitated
before the deformation treatment. For the applied temperature-deformation condition, solute niobium
was depleted to 0.019 ± 0.004 wt. % after a holding for 1200 s. Thus, approximately 70% of the
initially dissolved niobium precipitated as deformation-induced particles. In the case of the sample
isothermally held at 670 ◦C for 1 h, the concentration of solute niobium is 0.014 ± 0.003 wt. % which is
16.5% of nominal concentration or, taking the measured initial amount in the deformed sample, 23%.
In the precipitation/segregation-free areas, the other carbide forming elements—titanium, carbon and
nitrogen—were not detected in the mass spectra of the APT measurements, because they were either
below the detection limit (the background of the APT measurements was around 10 atoms), or the
respective peaks in the mass spectrum had an overlap with a much higher concentrated element (e.g.,
nitrogen totally fell into the peaks of silicon, which has a much higher concentration and therefore
quantification of nitrogen would have produced values with high uncertainty).

Overlaying the data from electrical resistivity measurements showed a good correlation with
the APT data (Figure 8). In addition to the matrix measurements, homogeneous precipitates were
analyzed by APT in samples deformed at a lower austenite temperature (850 ◦C, ε = 0.6, quenched
after holding for 200 s), which had a bean-shaped morphology (Figure 9). Their morphology best
resembled the morphology of precipitates shown in Figure 6f, indicating that these precipitates
also existed in the samples that were directly quenched from high austenite temperature without
deformation. Their existence is rather interesting, since the understanding of particles having
a heterogeneous TiN-core-Nb(C,N)-shell morphology is quite established. As visible in Figure 9,
the particle predominantly consisted of carbon and niobium as well as smaller fractions of titanium
and nitrogen. The elemental distribution in this particle was homogeneous and its composition is
given in Table 3. The amount of niobium and titanium was nearly the same as the amount of carbon
and nitrogen, so that the particle can be considered being a stoichiometric (Nb,Ti)(C,N) precipitate.
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Figure 8. Atom probe tomography (APT) evaluation of solute Nb in the steel matrix and correlation
with electrical resistivity measurements for samples deformed at 950 ◦C, ε = 0.3, and isothermally held
at 670 ◦C for 1 h.

Figure 9. APT analysis of a bean-shaped particle similar to those in Figure 6f, but measured in the
sample deformed at a lower austenite temperature and higher strain (850 ◦C, ε = 0.6), and quenched
after holding for 200 s. Niobium, carbon, titanium, and nitrogen atoms are displayed.

Table 3. Elemental composition of APT-measured, bean-shaped particle displayed in Figure 9.

Element Nb C Ti N

Atom count 4582 4400 480 177
at. % 47.5 45.6 5.0 1.7

As shown before, after applying strain, the precipitate population observed by STEM was strongly
expanded by a large number of small particles (Figure 7). In the sample deformed with a higher strain
of ε = 0.6 at 850 ◦C, APT could detect small precipitates which are represented in Figure 10a. Table 4
shows that carbon and niobium were indeed the dominant elements in these precipitates, while only
a small fraction of nitrogen and practically no titanium was found. The APT mass spectra peaks of
12C2+ and 12C+/12C2

2+ both contained significantly more atoms than the combined niobium atoms
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in the respective peaks at 23.3 Da (93Nb4+), 30.9 Da (93Nb3+), 46.5 Da (93Nb2+), and the (93Nb14N)3+

(Figure 10b). The peak at 24 Da corresponded either to carbon or titanium. Since no Ti2+ isotopes at 23,
23.5, 24.5, and 25 Da were present, the peak at 24 Da was assigned to 12C2

+. Although it is not possible
to assure that all the counts at this peak correspond unambiguously to carbon, these counts represent
only 5% of the particle composition. Adding up all carbon counts, the Nb/C ratio was only 1.2:2. Yet,
if the nitrogen counts are considered as well, the ratio of niobium to interstitial atoms approaches 1:2.
Consequently, the chemistry of the precipitates was considered to be sub-stoichiometric (Table 4).

 
Figure 10. APT analysis of precipitates formed after deformation at a lower austenite temperature and
higher strain (850 ◦C, ε = 0.6) and holding for 200 s. (a) Atom distribution map with niobium, carbon
and nitrogen depicted; (b) mass-to-charge state ratio and the detected elemental peaks.

Table 4. Elemental composition of precipitates measured by APT in Figure 10.

Element Nb C Ti N

Atom count 410 688 - 74
at. % 35.0 58.7 - 6.3

In samples deformed at 950 ◦C and quenched after short holding times up to 1200 s, carbon
clusters were observed as shown in Figure 11b, whereas for niobium, the atom map (Figure 11a)
indicated no obvious clustering in any of the cases (for ten or more measurements for each holding
time 2, 15, 100, and 1200 s, analogous to the APT analysis shown in Figure 8). To rule out early
stages of clustering, the distribution of the carbon and niobium atoms in the APT reconstructions was
compared to a random distribution (frequency distribution analysis in IVAS software, binning 200 ions;
Figure 11e). It can be seen that in the particular case of the atom maps of Figure 11a,b, only carbon was
exhibiting a small deviation of 0.5 to 1 at. % from random distribution for a small number of clusters
(Figure 11b), while niobium appeared to be randomly distributed throughout the volume (Figure 11a).
No precipitates as detected in STEM (Figure 7) were detected by APT.

Finally, APT analysis was performed on the sample that was isothermally held at 670 ◦C after
soaking at 1200 ◦C and cooling without deformation. It is reasonable to assume that the precipitation
in this sample will be similar to the sample cooled to 850 ◦C and subsequently quenched. In absence
of strain-induced precipitation, a substantial amount of solute niobium is thus still present at the
austenite-to-ferrite transformation temperature, when the niobium solubility drastically decreases.
Figure 11c,d depict two atom reconstructions showing only niobium and carbon from samples after the
isothermal holding period. The atom map in Figure 11c contained short-range clustering of niobium
and carbon with sizes of 0.5 to 2 nm (after the maximum separation algorithm [39] with the clustering
atom species niobium and carbon using the parameters dmax = 1.2 nm, Nmin = 10 atoms, and an erosion
step of 1.2 nm). The nearest-neighbor distribution showed a deviation from randomness (Figure 11f)
for both carbon and niobium. In another ferrite grain of the same sample (Figure 11d), precipitates of
typically less than 10 nm size have developed and the matrix was depleted from niobium although
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a small residual amount was still in solution. The precipitates were aligned in arrays and comprised
an aspect ratio not equal to 1 and that was more pronounced for the larger particles. This alignment of
particles is a typical feature of interphase precipitation, which occurs during the austenite-to-ferrite
transformation [19,20,40]. For areas exhibiting interphase precipitation like in Figure 11d, a solute
amount of niobium of 0.018 ± 0.002 wt. % was measured in the surrounding matrix, whereas for areas
containing clusters such as in Figure 11c, the solute amount could be only estimated because of the
diffuse boundary between NbC clusters and the steel matrix. In an exaggerated generous definition
of a cluster—using a minimum cluster size of only 4 atoms—the remaining volume still contained
0.005 ± 0.002 wt. % of niobium according to peak decomposition. This result corresponds well to the
data provided in Figure 2, where 90% of niobium is calculated to be precipitated after a similar heat
treatment of a comparable steel. In the as-cast state of the steel melt used in this work, interphase
precipitation analogous to Figure 11d was found, but with the difference, that the matrix was almost
completely depleted of niobium, having only 0.002 ± 0.002 wt. % in solution.

The compositions of both cases in Figure 11c,d are given in Table 5. For the cluster composition,
clusters larger than 20 atoms were regarded, which would mean a count of roughly 60 atoms (for the
reported detector efficiency of 37% this equals, for example, a round nano-precipitate of one atomic
layer and 2 nm diameter, as found by Breen et al. [41]). The precipitates and clusters had very similar
compositions and were also stoichiometric like the homogenous precipitate from the soaked and
quenched sample (Figure 9).

 
Figure 11. (a,b,e) APT analysis of a sample deformed at 950 ◦C and quenched after a short holding
time of 2 s. (a) Niobium atom map, (b) carbon atom map, and (e) nearest-neighbor distribution of
niobium and carbon observed in atom reconstruction (solid lines) vs. random distribution (dashed
lines). (c,d,f) Quenching after isothermal holding at 670 ◦C for 1 h on samples soaked at 1200 ◦C led to
(c) pronounced clustering or (d) interphase precipitation. (f) Nearest-neighbor distribution analysis of
the dataset reconstructed in (c) shows strong deviation of the observed niobium and carbon distribution
(solid lines) from a random distribution (dashed lines).
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Table 5. Elemental composition of interphase precipitates (IP) and clusters of samples which went
through the austenite-to-ferrite transformation at 670 ◦C for 1 h (Figure 11c,d).

Element Nb C Ti N

IP (Figure 11d) - - - -
Atom count 752 846 54 7

at. % 45.3 51.0 3.3 0.4

Clusters (Figure 11c) - - - -
Atom count 7708 8566 405 190

at. % 45.7 50.8 2.4 1.1

4. Discussion

4.1. Precipitation Behavior before TMCP Treatment

The types of precipitates observed and their evolution with simulated processing are generally
in agreement with the results of other publications in literature [5,10,11]. Cube-shaped TiN particles
typically containing a smaller fraction of niobium were already present at high austenite temperature
(>1200 ◦C). The spatial arrangement of these particles and their proximity suggest that these had been
formed in residual liquid pools during the late solidification phase. Titanium, niobium, nitrogen,
and carbon all strongly segregated to the liquid phase as the amount of solidified delta-ferrite increased.
The local supersaturation with titanium and nitrogen locally became so high that spontaneous
precipitation occurred. The severity of segregation was controlled by the distribution coefficient of
the respective element and might have resulted in local supersaturation exceeding the solubility limit.
The segregation ratios, cL/c0, of the relevant elements titanium, niobium, nitrogen, and carbon were
calculated as a function of the remaining liquid volume fraction, f L, with progressing solidification
using Scheil’s equation [42] and published distribution coefficients (kTi = 0.4, kNb = 0.3, kN = 0.28,
and kC = 0.2, compiled by Morita and Tanaka [43]) according to:

cL

c0
= f k−1

L (1)

Figure 12b demonstrates the segregation ratio of the four elements as a function of the remaining
liquid volume fraction. According to Kunze et al. [10], TiN can precipitate in liquid steel if the
supersaturation product of both elements exceeds the limit solubility by a factor of approximately
10. For steels having near-stoichiometric titanium and nitrogen contents as considered in the present
study, this condition is fulfilled when the volume fraction of liquid phase is becoming less than 5 vol.
%. Niobium has a higher segregation ratio in the residual liquid phase than titanium. Nevertheless,
supersaturation levels necessary for spontaneous precipitation typically are not reached. However,
type II dendritic precipitates can nucleate on titanium-rich nitride particles at the very final stage of
the inter-dendritic liquid, or alternatively, on delta-ferrite phase boundaries as described in detail
by Chen et al. [44]. The precipitates have a cored structure and are unstable at higher austenite
temperature, where niobium carbide precipitates re-dissolve, leaving behind a string of small insoluble
titanium-rich particles.

Upon full solidification, the significantly unequal distribution of solute microalloys between the
center of a secondary dendrite and the last liquid periphery is quickly diminished by fast diffusion of
these atoms in the delta-ferrite (Figure 12c). Short secondary dendrite arm spacings exhibit a quite
equalized concentration profile at the transformation to austenite.

TiN is practically insoluble in austenite so that any remaining solute titanium is expected to
precipitate upon further down-cooling. Such particles nucleate at dislocations and austenite grain
boundaries. Considering the degree of solute titanium depletion and the diffusion range, these particles
are expected to have a relatively small size in the range of 10 to 20 nm.
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At the simulated reheating temperature of 1200 ◦C, niobium for the current alloy composition
has a solubility of 0.27 wt. % (based on a commonly accepted solubility product log [Nb] × [C] =
−7900/T + 3.42 [45]). An estimation of the dissolution kinetics predicts that particle sizes in the order
of 1 μm could dissolve within the 10 min of soaking treatment. Therefore, it is concluded that the NbC
caps are growing onto TiN cubes during down-cooling from soaking temperature to a lower austenite
temperature. The fact that the NbC caps grow unidirectionally to opposite sides, suggests that the TiN
particle is located at a dislocation or grain boundary, providing fast diffusion of niobium and carbon in
this direction.

 
Figure 12. (a) Solidification scenario in the delta-ferrite range of the binary Fe-C diagram (equilibrium
transformation temperatures for carbon content of 0.04 wt. %); (b) calculated segregation ratios
as function of the residual liquid share; (c) homogenization of unequal niobium distribution after
solidification by fast diffusion in delta-ferrite as a function of the secondary dendrite arm spacing.

According to EDS measurements in Figure 6b, the precipitates that form above the deformation
temperature incorporated a considerable amount of niobium. The APT measurements of the steel
matrix (for the samples 950 ◦C, ε= 0.3) confirmed this (Figure 8), as the concentrations lay approximately
at 0.06 wt. % even 2 s after deformation, whereas the nominal bulk composition was around 0.085
wt. %. This means that more than one quarter of the added niobium had already precipitated,
prior precipitated on TiN or TiCN, and as a consequence lost for later strain-induced precipitation
or precipitation strengthening. This was also found by Hegetschweiler et al. [14], who used particle
extraction methods. On the contrary, in niobium microalloyed steels without titanium, all niobium can
be brought back into solution, as was shown by an APT study by Palmiere et al. [32].

4.2. Precipitation Behavior during TMCP Treatment

The electrical resistivity method allowed to follow the evolution of strain-induced precipitation.
The drop of resistivity can be explained by the nucleation and/or growth of precipitates and the
subsequent consumption of solute niobium, and consequently, less scattering of electrons. According
to the results of the different temperatures in Figure 5, the samples deformed at 900 ◦C had the
lowest resistivity in general, which also corresponds to the well-accepted fact that precipitation both
commences and completes much earlier in that temperature range (Figure 2). According to the
resistivity data, the consumption of niobium for precipitation at 900 ◦C was multiple times faster
than for 850 ◦C. However, the difference between samples of varying deformation temperatures but
constant deformation grade (ε = 0.3) was relatively low compared with an increased deformation
(900 ◦C, ε = 0.6). As deformation induces many dislocations, the dominating effect for solute niobium
and carbon consumption was due to strain-induced precipitation. The strong decrease could have
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been either due to a higher nucleation rate or an increased niobium diffusion along the dislocation
core (pipe diffusion), both consuming niobium and carbon faster. In principle, the deformation degree
seemed to have the dominating effect over deformation temperature, which was also found by Jung et
al. [29]. The cooling rate from austenitizing temperature down to the deformation temperature was
5 ◦C/s and therefore the difference in total TMCP time for the different temperatures was only 10 s
between each other. Consequently, the influence of precipitates formed or grown during cooling on
the difference of resistivity should be negligible in this discussion. In Figure 8, the falling niobium
concentration in the steel matrix, although only analyzed in detail for the sample deformed at 950 ◦C,
correlated well with the downward trend of the electrical resistivity with increasing holding time after
deformation. Theoretically, the other carbide-forming elements—titanium, carbon, and nitrogen—also
increase the resistivity when in solid solution, however, their quantification in the steel matrix was
not possible for the investigated steel composition. For the counts in the mass spectrum belonging to
titanium (Figure 10b), the matrix spectrum neither had visible peaks at 16 Da, nor at 24 Da. With the
background of roughly 10 atoms, this means that for all measurements the solute titanium amount was
lower than 5 ppm (for illustration, the amount of 0.002 wt. % solute niobium which was measured in
the as-cast sample with visible peaks equaled 200 atoms in an APT measurement of 10,000,000 atoms
which was well above the background noise). Since even at the austenite-to-ferrite transformation
temperature titanium could be found in precipitates, a small amount must have still been in solution.
Likewise, no carbon (with the exception of the carbon atmospheres, and occasional lath boundaries or
retained austenite islands) was detected in the matrix. For nitrogen, the quantification is additionally
complicated by the overlap of the nitrogen peak at 14 Da with silicon, that had a much larger abundance
in the sampled steel. As it will be discussed further on, when addressing potential errors of the resistivity
measurements, carbon and nitrogen influences might actually be ruled out for quenched samples.

The large family of precipitates that typically form during TMCP of Nb-Ti-microalloyed HSLA
steels makes it challenging to fully distinguish them relying solely on (S)TEM. Adding APT to the
characterization toolbox brought about the ability to characterize the chemistry of single precipitates
with the highest resolving power available to date and without interfering with the precipitate
environment, i.e., steel matrix or neighbor precipitates. For example, the bean-shaped precipitates with
homogeneous niobium and titanium atom distribution in Figure 9 had a size and morphology that
could be identified as both the STEM-characterized precipitates present at soaking (Figure 6f), or the
ones detected after deformation (Figure 7). However, APT reveals the composition of the precipitate
to contain also small fractions of titanium (Table 3), whereas the careful comparison of precipitates
after deformation and austenite-to-ferrite transformation (Figure 10, Table 4, and Figure 11c,d, Table 5,
respectively) showed that strain-induced precipitation contains no titanium with regard to the
detection limits of the APT. Characterization of the precipitate in Figure 9 on the basis of (S)TEM
could erroneously identify it as the product of deformation, which would overestimate the growth
kinetics of strain-induced precipitates for the investigated deformation temperature (note that this
Ti-containing precipitate was found after a holding time of 200 s, whereas even at 950 ◦C, only after
1200 s can strain-induced precipitates reach such a size (Figure 7)). Despite a very precise chemical
quantification of the big and small (Nb,Ti)(C,N) precipitates, small size deviations are possible due
to APT-related artifacts. The so-called local magnification effect [46] appears when precipitates have
a very different evaporation field compared to the matrix. In this special case, (Nb,Ti)(C,N) showed
a high evaporation field of around 55–60 V/nm for pure NbC. In the steel matrix with an evaporation
field of 33 V/nm, the reconstructed precipitates would therefore appear larger than they were. Although
a direct size comparison of APT and STEM-measured precipitates was not possible, the medium-sized
and homogeneous (Nb,Ti)(C,N) precipitates found in STEM for samples quenched from the soaking
temperature (Figure 6f) fell in a similar range as the APT-measured precipitate in Figure 9.

A more plausible explanation for the origin of the precipitate in Figure 9 is, that it had formed
during the casting. If these precipitates did not (re-)dissolve during reheating, they would still be
present in the samples quenched from a higher austenite deformation temperature after austenitizing
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at 1200 ◦C (Figure 6f), as well as in all other deformed samples. As it was shown for the Ti-containing
small precipitates in the samples transformed isothermally into ferrite (Figure 11,d), titanium was still
in solution at the austenite-to-ferrite transformation temperature. The bigger (Nb,Ti)(C,N) precipitates
might therefore be the outcome of the coarsening of clusters such as displayed in Figure 11c. Preliminary
work on the co-microalloying of niobium and titanium considered the higher temperature stability
of (Nb,Ti)(C,N) precipitates to be the reason for their presence even after soaking at high austenite
temperatures [5,7].

When applying deformation, STEM images showed a sharp increase in very small precipitates
which grew with the holding time (Figure 7). Likewise, APT results depicted small precipitates in the
sample deformed with ε = 0.6 strain at 850 ◦C and found them to be free or nearly free of titanium but
with an over-stoichiometric amount of carbon (Figure 10 and Table 4).

In the sample deformed at 950 ◦C with ε = 0.3 strain, no precipitates were detected by APT
although their existence and coarsening are visible in STEM (Figure 7). MatCalc simulations were
conducted (Figure 13) to investigate the density of precipitates that could be expected after deformation
at higher and lower austenite temperatures and with varying deformation. According to simulation,
the precipitation density increased by a factor of 103 when lowering the deformation temperature
from 950 ◦C to 850 ◦C and increasing total strain from ε = 0.3 to ε = 0.6. The number density of
1017/m3 in the case of 950 ◦C, ε = 0.3 would approximately correspond to the detection of one particle
every 8000 measurements, assuming homogeneous particle spacing and an average volume of one
APT measurement with a diameter of 80 nm at the base and a length of 200 nm. On the contrary,
for 850 ◦C, ε = 0.6, an average of one detection every six measurements was predicted. This lies in
the range of the experimental findings for these cases. Furthermore, compared to the influence of the
deformation temperature, the decrease in electrical resistivity was more pronounced when raising the
deformation from ε = 0.3 to ε = 0.6, as shown for the samples deformed at 900 ◦C (Figure 5). This was
also well reflected by the increased detectability of NbC in APT in higher-deformed samples. Together
with the APT measurements, it is concluded that the measured effect stems from strain-induced
precipitation. The strain-induced NbC had a non-stoichiometric composition with a carbon content
being more than 1.5 times larger than the niobium concentration. A previous investigation using APT
had discussed the hypothesis of a deficiency of carbon detection in carbides [47], which is contrary
to the findings of the present work. In addition, if these precipitates are strain-induced, then it is
conceivable that the carbon surplus came from its segregation along dislocations which had preceded
the precipitation formation. Carbon atmospheres as possible precursors were detected in almost every
APT measurement of the samples deformed at 950 ◦C, and many of them showed line-like features like
in Figure 11b. The carbon enrichments are therefore assumed to be Cottrell atmospheres and niobium,
which has a slow diffusion rate compared to carbon, diffused during a later stage to form precipitates.
When deformation increased, more dislocations were produced, facilitating the diffusion along the
dislocation core. Therefore, the particle detection statistics during APT experiments strengthen the
assumption that the precipitates found were indeed induced by strain. The existence of metastable
NbC precipitates was already discussed earlier by Danoix et al. [48] and the detected Nb(C,N) in the
sample subjected to a higher deformation provided evidence of their existence.

Kostryzhev et al. [35] proposed early stages of precipitation in the form of clusters (in the range
of 30 to 60 atoms) during austenite deformation. No evidence of such a clustering was found in this
work. The atom maps of deformed and then quenched samples did not show any visible clustering of
niobium or titanium except the already discussed precipitates in the sample 850 ◦C, ε = 0.6. In Figure 11,
the atom distribution of the sample deformed at 950 ◦C, ε = 0.3 and the sample held at 670 ◦C for
1 h were compared. In the latter case, Figure 11f displays a marked deviation of niobium and carbon
distribution from random, which is also visibly clustered in the atom map of Figure 11c. In contrast,
sample 950 ◦C, ε = 0.3 had no visible niobium clustering (Figure 11a), while the carbon clustering
in Figure 11b shows a possible Cottrell atmosphere as discussed above. It is therefore concluded
that strain-induced precipitation during deformation in the higher austenite temperature regime
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is challenging to trace with APT alone due to the low particle density in low-deformed austenite.
An ongoing project is developing a methodology that aims at increasing the precipitate yield in APT
measurements by their extraction and re-encapsulation in a suitable matrix material. It is envisioned
that by this methodology, precipitates of any heat treatment can be measured with sufficient yield.

 

Figure 13. MatCalc simulation of the precipitate number density evolution over time for varying
compression with a total deformation of ε = 0.3 at 950 ◦C and ε = 0.6 at 850 ◦C.

The correlation of APT results with the electrical resistivity proved that bulk measurements can
successfully describe the precipitation sequence occurring at the atomic scale. As specific resistance
measurements were quite challenging for the investigated samples, the sources of error need to be
addressed as well. The electrical resistivity relies on the precise measurements of the current that
flows through the sample, the voltage drop over the sample, and the precise knowledge of the relative
position of the potential points. The latter aspect was especially important, as for the currently used
Gleeble setup, the hot-deformed samples were relatively short to prevent buckling. The total increment
of resistivity decrease from dissolved to fully precipitated accounts only for approximately 10% of
the total resistivity range. The distance of the potential is proportional to the measured resistance,
therefore a misplacement of several hundreds of microns in the present setup introduces large errors
of the calculated resistivity. Future experiments with larger samples may help to reduce the error
in the measurement of the distance of the potential points. Another aspect worth mentioning is the
assumption, that the other elements in the sampled steel do not change their atomic distribution
in the different investigated heat treatment stages. This approximation might be correct for most
elements, such as manganese, copper, silicon, and nickel, which did not take part in the precipitation
process according to APT results. However, long-range chemical inhomogeneities which stem from
casting of the ingots could produce variations in the resistivity irrespective of the solute niobium
consumption during precipitation. Additionally, pores in the sample would decrease the cross section
for the passing current and increase the measured electrical resistance. All this could be the reason for
unexpected resistivity values as was the case for the sample 900 ◦C, ε = 0.3 and held for 1200 s before
quenching (Figure 5). Regarding carbon and nitrogen, which actively took part in the precipitation
process, tempering at low temperature was conducted in prior work to bring all solute carbon and
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nitrogen to lath or grain boundaries [26,28,29]. However, more recent experimental data suggest that
even under heat treatment conditions severely obstructing diffusion—such as quenching from the
austenite field to room temperature—there is sufficient time for interstitial atoms to diffuse to bainite
or martensite lath boundaries or prior austenite grain boundaries in large quantity [49,50], or, as in
some cases, to dislocations (Figure 11b). Therefore, the matrix is depleted of those elements, which was
also confirmed by APT measurements in the present work. Consequently, their influence on changes
of the electrical resistivity was assumed to be negligible.

4.3. Precipitation during Austenite-to-Ferrite Transformation

When isothermally held at 670 ◦C for 1 h, APT measured a high density of (Nb,Ti)(C,N) precipitates.
In some ferrite grains, very fine clusters with sizes even below 1 nm were found, whereas in other
grains, an ordered arrangement of bigger (5–10 nm) precipitates typical for interphase precipitation
appeared. These two phenomena coexisted in the same heat treatment as evidenced in Figure 11c,d.
During transformation, the interphase precipitation proceeded over the moving ferrite grain front into
the austenite and when a certain level of supersaturation was reached, the solute niobium precipitated
along the whole front. However, some grains might have transformed too quickly for interphase
precipitation to follow, or the grain orientation was not favorable [20]. Therefore, instead of interphase
precipitation, a Nb supersaturation of the freshly formed ferrite led to a high nucleation density
resulting in the fine-scale clustering/precipitation visible in Figure 11c.

The interphase precipitates had a similar composition as the medium-sized (Nb,Ti)(C,N) (Tables 3
and 5, respectively). Interphase precipitation was also observed in the as-cast state, likewise, containing
titanium. As these small (Nb,Ti)(C,N) precipitates were not present in the hot-deformed and quenched
samples, they must have either totally dissolved again during soaking or coarsened to larger particles,
similar to the one shown in Figure 9. The Gibbs-Thompson effect predicts solubilities almost twice
as high for small precipitates compared to larger ones as found in the samples quenched from
austenitization temperature [51]. Therefore, smaller (Nb,Ti)(C,N) precipitates could have completely
re-dissolved, whereas bigger precipitates did not dissolve during re-heating. The residual solute
amount of niobium after the isothermal holding phase was measured to be approximately 0.014 ± 0.003
wt. %. Considering that 0.061 ± 0.009 wt. % niobium was re-dissolved after soaking and was therefore
available for precipitation during isothermal holding, the fraction of precipitation was approximately
77%. This is close to the value that would be expected according to the kinetics shown in Figure 2 and
was also well reflected in the electrical resistivity measurements.

5. Conclusions

Multi-scale characterization methods were used to quantify the precipitation status of
niobium during austenite conditioning in a typical Nb-Ti microalloyed high-strength low-alloy
steel, namely electrical resistivity, STEM and APT measurements. These methods provided
complementary information on nucleation, growth, spatial distribution, and chemical composition of
Nb(C,N) precipitates.

The reported results showed that the electrical resistivity method can efficiently monitor
the progress of precipitation for different TMCP conditions. Measuring the average amount of
solute niobium in the steel matrix by APT allowed to calibrate the electrical resistivity method.
Such measurements also demonstrated that, in Nb-Ti dual microalloyed steel, part of the niobium is
bound in mixed Ti,Nb(C,N) particles that do not dissolve during typical soaking treatment.

The chemical composition and spatial arrangement of such Nb-rich TiN particles indicated that
both, Nb and Ti, had reached a high segregation level in inter-dendritic liquid pools existing just before
full solidification.

APT allowed a detailed chemical characterization of particles as compared to electron microscopy.
It was demonstrated that precipitates being present before the deformation stage can be distinguished
from strain-induced precipitates, thus, preventing erroneous estimations of growth kinetics. In this
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context, current typical restrictions on the detectability and precise size estimation of precipitates will
be addressed in future work through an extraction and re-encapsulation methodology.

The observed core-shell structures of TiN cubes with NbC caps were assumed to form after
reheating by re-precipitation of niobium onto insoluble TiN particles. The fact that the caps did not
form on all cube faces allowed to conclude that niobium is supplied by preferred diffusion paths such
as a grain boundary or dislocation.

Precipitates that formed at lower austenite temperature or during transformation to ferrite had
a chemical composition dominated by niobium and carbon. It was found that these particles scavenged
the small quantity of titanium and nitrogen atoms that remained in solution. The titanium and nitrogen
atoms are randomly incorporated within the NbC particle.

APT was able to show the formation of atom clusters in the nucleation stage of particles. During
TMCP treatment applied in this study, only weak clustering of carbon could be detected, yet no
significant clustering of niobium was seen. However, after isothermal holding in the ferrite phase,
the formation of niobium-carbon clusters was evident.

With regard to strain-induced precipitation, all characterization methods used in this study
confirmed that the degree of deformation is dominating over temperature with regard to precipitate
nucleation during TMCP treatment, which is in agreement with established knowledge.
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Abstract: Precipitation strengthened, fully ferritic microstructures in low-carbon, microalloyed steels
are used in applications requiring enhanced stretch-flange formability. This work assesses the
influence of thermomechanical processing on the evolution of austenite and the associated final
ferritic microstructures. Hot strip mill processing simulations were performed on a low-carbon,
titanium-molybdenum microalloyed steel using hot torsion testing to investigate the effects of
extensive differences in austenite strain accumulation on austenite morphology and microstructural
development after isothermal transformation. The gradient of imposed shear strain with respect
to radial position inherent to torsion testing was utilized to explore the influence of strain on
microstructural development for a given simulation, and a tangential cross-section technique was
employed to quantify the amount of shear strain that accumulated within the austenite during
testing. Greater austenite shear strain accumulation resulted in greater refinement of both the prior
austenite and polygonal ferrite grain sizes. Further, polygonal ferrite grain diameter distributions
were narrowed, and the presence of hard, secondary phase constituents was minimized, with greater
amounts of austenite strain accumulation. The results indicate that extensive austenite strain
accumulation before decomposition is required to achieve desirable, ferritic microstructures.

Keywords: low-carbon steel; microalloyed; hot torsion testing; prior austenite; polygonal ferrite

1. Introduction

A challenge exists in the automotive industry to develop new, hot-rolled, high-strength low-alloy
(HSLA) steels offering a balance of high tensile strength and superior stretch-flange formability
to reduce vehicle weight without compromising safety, performance, or manufacturability [1,2].
The steel industry has responded by developing ferritic steels strengthened with extensive nano-sized
precipitation [2–4]. The single-phase ferritic matrix eliminates hard constituents and imparts superior
stretch-flange formability, while its high yield and tensile strengths are derived from nano-sized
precipitates. Titanium (Ti)-, niobium (Nb)-, or vanadium (V)-based microalloy systems are typically
used for such HSLA steels, and molybdenum (Mo) is often added to strongly retard the precipitate
coarsening rate [4,5]. Substitutional manganese (Mn) additions are also made to such HSLA steels
to compensate for the low carbon levels and lower the Ar3 transformation temperature for better
refinement of the microalloy precipitation sizes [6]. However, the Mo and Mn additions can enhance
the hardenability of the steel, resulting in slower austenite decomposition kinetics and hard secondary
phase constituents (e.g., bainite and/or martensite) in the final microstructures. Hard constituents are
undesirable because stretch-flange formability is markedly reduced due to the nucleation of voids at
the interfaces between the relatively hard and soft phases [7,8]. Therefore, the ability to obtain both fine
microalloy precipitates and a single-phase ferritic matrix in the final microstructure requires attention
to thermomechanical processing, due to its effect on the austenite decomposition behavior [9].
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Hot strip mills (HSM) are a key part of HSLA steel production. A typical, semi-continuous HSM
consists of the following units: reheat furnace, roughing stand, transfer table, coilbox, finishing mill,
runout table, and coiler [10]. The reheat furnace heats the slab to a suitable temperature to start hot
rolling. The roughing stand is used for major reductions in slab thickness. The transfer table carries the
slab, now called the transfer bar, from the roughing stand to the finishing mill. A coilbox is sometimes
used to wrap the transfer bar into a coil to obtain a more uniform temperature profile [10]. The transfer
bar is then delivered to the finishing mill, which is used for more precise gauge reductions. The strip is
water-cooled from coolant headers along the runout table to control the final microstructure and then
wrapped into a coil, which slowly cools to room temperature. Important processing steps during HSM
processing to develop the desired, ferritic microstructures are controlled rolling in the finishing mill
and accelerated cooling on the runout table (lowers the coiling temperature) [9].

Three types of austenite recrystallization behaviors are typical in HSM processing: static
recrystallization, austenite pancaking (i.e., avoidance of recrystallization), and dynamic/metadynamic
recrystallization [11]. The long interpass times and high temperatures, above the non-recrystallization
temperature (Tnr), during rough rolling allow for nearly complete static recrystallization (SRX) to take
place between rolling passes. Fine, equiaxed austenite grains are produced with negligible strain
accumulation through SRX. Finish rolling is typically close to or below the Tnr, thus encouraging
rapid strain-induced precipitation (SIP) of microalloy carbonitrides (e.g., Nb [12], Ti [13], and V [14]
containing HSLA steels). These precipitates retard or even prevent the SRX of austenite grains;
leading to pancaking, greater strain accumulation, and the generation of defects like dislocations and
deformation bands. One of the major differences between HSM and plate mill rolling schedules is
the interpass times, which are much shorter in the HSM and range from 0.2–5 s [11,15,16]. These
short interpass times encourage strain accumulation and dynamic recrystallization (DRX) [11,17]. Fine,
equiaxed austenite grains with negligible strain accumulation are also produced through DRX [18].

Hot torsion testing has been employed in numerous hot rolling simulations and recrystallization
studies of HSLA steels for its ability to impose large amounts of strain while accurately controlling
temperature, interpass time, and strain rate [9,15,18–21]. The conditioning of austenite into pancaked
grains during HSM processing is important for final microstructural development. Whitley et al. [19]
considered the evolution of the austenite grain morphology during hot torsion testing (shear
deformation), and Figure 1 [19] shows a schematic overview of the expected austenite morphology
at several stages throughout testing. The torsional axis is vertical to the page in Figure 1. Grains
undergo one or both of the following processes at a given time: (i) shear deformation, thus becoming
more elongated in morphology; and (ii) recrystallization, thus becoming refined and equiaxed in
nature. Austenite grains are assumed to be initially equiaxed after soaking at high temperatures
(Figure 1a), and they become elongated and rotated by the application of shear strain (Figure 1b) when
viewed normal to the torsional axis of a cylindrical specimen [19]. If deformation occurs above the Tnr,
SRX of the austenite is expected given sufficient interpass time (Figure 1c). However, if deformation
occurs below the Tnr, pancaking of the austenite is expected and results in rotated grains with higher
aspect ratios (Figure 1d). Austenite grains accommodate strain in this manner until there is sufficient
driving force for recrystallization in the form of stored strain energy [19]. Strain-free grains can form
in the regions of highest stored strain energy (e.g., grain boundaries and deformation substructure)
(Figure 1e).

A metallographic technique was developed by Whitley et al. [19] to quantify the shear strain
accumulation within (prior) austenite microstructures produced via hot torsion testing. Tested samples
are sectioned parallel to the torsional axis and metallographically prepared to observe the prior
austenitic microstructures. In this “tangential” plane cross-section, the inclination angles (θ′) of prior
austenite grains and other microstructural features can be measured with respect to the torsional
axis and used to estimate the amount of shear strain that accumulated during testing (γacc) with
the relationship

γacc = tan(θ′). (1)
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Figure 1. Schematic representation of the expected morphological evolution of austenite grains during
hot torsion testing (shear deformation). The arrows indicate the progression of morphological changes.
Austenite grains are (a) initially equiaxed and (b) elongate from imposed shear strain. Next, austenite
grains either (c) recrystallize or (d) continue to deform in shear until (e) sufficient driving force is
present for partial recrystallization. The torsional axis is vertical to the page. Adapted with permission
from [19].

Multiple austenite deformation-recrystallization cycles during multi-pass torsion testing can result
in mixed (prior) austenite microstructures displaying a distribution of inclination angles [18]. These
distributions reflect the local variation in strain accumulation that can result during thermomechanical
processing. Figure 2 [19] shows an example of this technique applied to a 1045 steel microalloyed with
V that underwent industrial bar rolling simulations via hot torsion testing. Various microstructural
features are highlighted with their corresponding inclination angles with respect to the torsional axis,
which indicated:

(A) Manganese sulfide (MnS) inclusion, elongated and initially oriented parallel to the rolling
direction. Since MnS inclusions do not recrystallize during thermomechanical processing, γacc

represents the total shear strain imposed;
(B) Highly elongated prior austenite grain with the same inclination angle as MnS, suggesting no

recrystallization during thermomechanical processing;
(C) Elongated prior austenite grain with an inclination angle less than (A) and (B), indicating

some degree of recrystallization during thermomechanical processing, followed by subsequent
deformation. The measured inclination angle represents the amount of shear strain that
accumulated after the last recrystallization event, assuming an equiaxed grain morphology
after recrystallization;

(D) Fine, equiaxed prior austenite grains that indicate recrystallization without shear
strain accumulation.

The main aim of this work was to investigate differences in austenite strain accumulation before
decomposition and the associated influence on (prior) austenite morphology and microstructural
development after isothermal transformation for a low-carbon, Ti-Mo microalloyed steel.
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Figure 2. Light optical micrograph from the tangential plane cross-section of the prior austenite
microstructure produced via industrial bar rolling simulations on a 1045 steel microalloyed with V
using hot torsion testing. MnS inclusions (A) and some austenite grains (B) accumulate all imposed
shear strain without recrystallizing. Other austenite grains (C) deform in shear after recrystallizing or
(D) recrystallize following the final deformation pass. The torsional axis (TA) is vertical to the page,
parallel to the reference line indicated. Adapted with permission from [19].

2. Materials and Methods

A low-carbon, Ti-Mo microalloyed steel was investigated, and its chemical composition is shown in
Table 1. The experimental alloy was received as 16 mm thick, hot-rolled steel from Baoshan Iron & Steel
Co. (Shanghai, China). Table 2 provides estimates of particular critical transformation temperatures
using empirical equations found in the literature. These critical transformation temperatures were
used to guide the thermomechanical processing of the experimental alloy. The following empirical
equations were used: Andrews for Ac1 and Ac3 [22], Schacht for Ar1 [23], Pickering for Ar3 [24],
Lee #2 for Bs [25], and Borrato for Tnr [26]. The Ms temperature was determined experimentally using
dilatometry [27].

Table 1. Experimental Alloy Composition.

Wt pct C Mn Si Mo Ti Al N S P Fe

Ti-Mo 0.053 1.86 0.10 0.24 0.120 0.035 0.0036 0.0024 0.0085 Balance

Table 2. Critical Transformation Temperature Estimates for the Experimental Alloy.

◦C Ac1 Ac3 Ar1 Ar3 Bs Ms Tnr

Ti-Mo 706 875 725 871 606 362 995
Reference [22] [22] [23] [24] [25] Experimental [26]

Solutionizing temperatures for relevant compounds in austenite were determined based on
solubility expressions [28,29]. The calculations showed that titanium nitride (TiN) remains undissolved
during solid-state processing, thus all nitrogen (N) was assumed to be removed from solid solution.
The evolution of equilibrium phases as a function of temperature was predicted with Thermo-Calc®

(Thermo-Calc Software, Solna, Sweden, Version 2019) using the TCFE9 database (assuming all N
was already incorporated into TiN precipitates), and the results are shown in Figure 3. The MC
equilibrium phase represents a mixed microalloy carbide exhibiting the NaCl (B1) crystal structure
without the incorporation of N. From the determined equilibrium dissolution temperature of MC,
a soaking temperature of 1250 ◦C was selected.
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Figure 3. Evolution of equilibrium phases as a function of temperature predicted with Thermo-Calc®

using the TCFE9 database. It was assumed that all N was first incorporated into TiN precipitates at
much higher temperatures (greater than 1500 ◦C).

2.1. Hot Torsion Testing

Hot torsion testing was accomplished using a Gleeble® 3500 system equipped with the Hot
Torsion Mobile Conversion Unit (Dynamic Systems Inc., Poestenkill, NY, USA). Sub-sized torsion
samples were machined from the as-received material according to the schematic illustration in Figure 4,
where the rolling direction was parallel to their lengths. Figure 5 shows a photograph inside the Hot
Torsion Mobile Conversion Unit chamber, highlighting the setup used during testing. Both ends of the
sample were restrained to keep the reduced gauge length fixed during torsion testing, and the Gleeble®

3500 was programmed to minimize axial stresses by adjusting the stroke arm. Axial stresses did not
exceed ±10 Mpa during testing. Helium (He) gas was used as the quenchant for all tests and was
directed from quench heads both in front and behind the sample. The torsion motor coupler within
the Hot Torsion Mobile Conversion Unit was set for 20◦ free rotation, which allowed rapid acceleration
of the torsion motor during deformation as well as a rapid reduction in torque on the sample during
interpass times. Hot torsion testing was performed under the protective environment of argon (Ar)
gas to minimize oxidation and decarburization near the surface of the sample. The oxygen partial
pressure within the chamber was maintained under 30 ppm during testing and monitored using a
PurgEye® 200 oxygen sensor (Huntingdon Fusion Techniques, Burry Port, UK).

The temperature of each sample was monitored at the mid-length of the reduced gauge section
using a Metis Model MQ11 optical pyrometer (Process Sensors Corporation, Milford, MA, USA) that
was calibrated at 1100 ◦C prior to testing. The pyrometer is not reliable below ~700 ◦C, so it was
used to control temperature during heating, soaking, and deformation. An alternative method was
required to control temperature during the accelerated cooling and isothermal holding steps due to
the relatively low temperatures employed. Attaching a thermocouple to the fixed shoulder of the
sample, where limited deformation occurs, and accounting for the temperature difference between the
shoulder and mid-length of the reduced gauge section, proved to be an efficient method for controlling
temperatures below ~700 ◦C. Therefore, a Type K thermocouple was spot welded to the surface of the
sample roughly 0.5 mm away from the fixed shoulder (as shown in Figure 5) for testing that included
isothermal holding. Each thermocouple wire was insulated with a small section of ceramic tubing to
prevent short-circuiting. An isothermal holding temperature of 650 ◦C was planned, and preliminary
testing showed that an offset value of approximately 18 ◦C (i.e., shoulder temperature of 632 ◦C) was
appropriate to account for the temperature difference between the shoulder and reduced gauge section.
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Figure 4. Schematic illustration of the sub-sized torsion samples tested with the Gleeble® 3500. Note
the reduced gauge section and hollow ends. The hollow ends allow for a fairly consistent cross-sectional
area throughout the entire sample and improve temperature uniformity during testing.

 

Figure 5. Photograph inside the Gleeble® 3500 Hot Torsion Mobile Conversion Unit chamber
highlighting the hot torsion setup. The shoulder thermocouple was required to control temperature
during accelerated cooling and isothermal holding.

Microstructural gradients within samples undergoing torsion testing require the selection of a
specific radial position to determine deformation parameters since imposed shear strain (γ) varies
with the radius of the reduced gauge section (r), according to

γ =
r ϕ
L

= tan(θ), (2)

where ϕ is the angle of twist (in radians), L is the reduced gauge length of the sample, and θ is the
expected inclination angle with respect to the torsional axis corresponding to the imposed shear strain.
The radial position used in this work to determine deformation parameters during HSM processing
simulations was the “effective radius”, which is positioned at 72.4 pct of the radial distance from the
central axis [30]. Barraclough et al. showed that this location represents the bulk behavior for materials
having a wide variety of strain rate sensitivities and/or strain hardening behaviors [30].

The following equations were used to convert the pass-by-pass shear strains and strain rates
into appropriate angles of twist and twisting times for simulation purposes, as well as to convert the
resulting torque to shear stress. The angle of twist for each pass was calculated according to

ϕ =
γ L

0.724r
, (3)
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and the twisting time (t) for each pass was calculated according to

t =
γ
.
γ

, (4)

where
.
γ is the shear strain rate. Barraclough et al. [30] developed an equation to convert torque (Γ) to

shear stress (τ) considering the effective radius, which assumes pure torsion and uniform shear strain
along the length of the reduced gauge section

τ =
3Γ

2π[(r 2)
3 − (r 1)

3]
, (5)

where r2 is the outer surface radius and r1 is the inner surface radius. Finally, the shear stress and
strain values were converted to equivalent true stress (σ) and strain (ε) values by applying the Von
Mises criterion

σ =
√

3τ, (6)

ε =
γ√

3
, (7)

and used to determine the MFS for each pass according to

MFS =
1

εb−εa

εb∫
εa

σ dε, (8)

where εa and εb are the initial and final equivalent true strains per pass, respectively. The integrals
were solved using analytical solutions of logarithmic regressions of the data according to

εb∫
εa

(a1 ln(ε) + b1)dε =[(a1ε) ln(ε) − a1ε+ b1ε]
εb

εa
, (9)

where a1 and b1 are constants. This approach typically assumes uniform constitutive mechanical
properties of the material through the cross-section.

Table 3 summarizes the hot torsion testing schedule applied. The testing parameters were
developed after consideration of the literature [9,11,15,18] and industrial processing [16,31]. Samples
were heated at 5 ◦C/s to a soaking temperature of 1250 ◦C and held for 5 min to dissolve microalloy
carbides. Rough rolling simulations consisted of four identical passes between 1240 and 1150 ◦C,
each with relatively long interpass times to promote SRX of the austenite. Finish rolling simulations
consisted of seven passes: either between 1150 and 1000 ◦C (designated as High T Finish) or between
1050 and 900 ◦C (designated as Low T Finish). Note that the designations of either High T Finish
or Low T Finish simulations include the identical rough rolling simulations. These temperature
ranges were selected to be above or mostly below the estimated Tnr of approximately 1000 ◦C
to develop (prior) austenite microstructures with drastically different strain accumulation prior to
decomposition. The roughing-to-finishing delay was 30 and 100 s for the High T Finish and Low
T Finish simulations, respectively. Short interpass times are typical during HSM processing, which
promote austenite pancaking and possibly DRX of the austenite later during finish rolling [11,15,16].
Overall, the amounts of true strain imparted during rough and finish rolling simulations were about
1.60 and 2.40, respectively, totaling about 4.00. The cooling rate between all passes was kept constant at
5 ◦C/s to ensure accurate temperature control. Additionally, relatively low target shear strain rates
were utilized to ensure accuracy of the imparted shear strains. After the last finishing pass (F7),
samples were either: (i) quenched as rapidly as possible (~43 ◦C/s) to room temperature to investigate
the prior austenite grain (PAG) size and morphology, or (ii) accelerated cooled at ~30 ◦C/s to an
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isothermal holding temperature of 650 ◦C, held for 30 min, and finally quenched as rapidly as possible
to room temperature to investigate polygonal ferrite characteristics and the presence of any secondary
phase constituents.

Table 3. Hot Torsion Testing Schedule to Simulate High T Finish* and Low T Finish** Processing.

Pass No. Temperature (◦C)
True

Strain
Shear
Strain

Twist Angle
(rad)

Shear Strain
Rate (s−1)

Interpass Time (s)

R1 1240 0.40 0.80 4.42 5 20
R2 1210 0.40 0.80 4.42 5 20
R3 1180 0.40 0.80 4.42 5 20
R4 1150 0.40 0.80 4.42 5 30* or 100**

F1 1150* or 1050** 0.50 1.00 5.52 10 8
F2 1110* or 1010** 0.50 1.00 5.52 10 8
F3 1070* or 970** 0.40 0.80 4.42 10 6
F4 1040* or 940** 0.40 0.80 4.42 10 4
F5 1020* or 920** 0.30 0.60 3.31 10 2
F6 1010* or 910** 0.20 0.40 2.21 10 2
F7 1000* or 900** 0.10 0.20 1.10 10 Quench or Hold

Previous research [19] has shown that a tangential orientation is best for investigating PAG
morphologies and quantifying the amount of shear strain that accumulated within the microstructure
for samples tested via hot torsion. This orientation is presented schematically in Figure 6. Tested
samples were prepared in the tangential orientation according to the following procedure. First,
the reduced gauge section was cut free from its ends on both sides of the sample. Next, the gauge
section was cut in half (perpendicular to the torsional axis) to reveal the “thermal plane”. Note that
the thermal plane corresponds to the mid-length of the reduced gauge section, approximately where
the optical pyrometer was aligned prior to testing. Then, each piece was cut in half (parallel to the
torsional axis). Finally, these quartered sections were mounted in Bakelite and precision ground to the
radial position of interest using measurements of chord length to reveal the tangential plane.

 
Figure 6. Schematic of the tangential orientation (evaluated at some radial position, r*) of samples
tested via hot torsion. The shaded region represents the tangential plane of interest, and the boxed
region represents the approximate location of microstructural characterization.

In addition to the effective radius, two other radial positions were selected to further investigate
how strain influences austenite conditioning and the final microstructures during HSM processing.
Recall that shear strain varies with the radius of the reduced gauge section according to Equation
(2). The target shear strain for the HSM processing simulations was 8.00, where the effective radius
(0.724 radial position) was used to determine the deformation parameters. Radial positions of 0.50
and 0.90 were also selected to represent an extensive range of possible shear strain accumulation.
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The approximate shear strain for the 0.50 radial position is 5.52, which might represent processing of
thicker gauge material, and the approximate shear strain for the 0.90 radial position is 9.94, which
might represent processing of thinner gauge material. All three radial positions were investigated
using the tangential orientation for each condition produced via hot torsion testing.

2.2. Microstructural Characterization

Samples for microscopic evaluation were sectioned, mounted in Bakelite, and prepared using
standard metallographic procedures. Samples were etched with either a 1 pct nital or a modified
Béchet–Beaujard reagent. The 1 pct nital reagent was used to reveal ferrite grain boundaries and
secondary phase constituents. The modified Béchet-Beaujard reagent was used to reveal PAG
boundaries and consisted of 200 cm3 of deionized water, 2.6 g of picric acid solids, 8 cm3 of
Teepol (wetting agent), and 2 cm3 of hydrochloric acid. This reagent was heated to 65 ◦C on a
temperature-controlled hot plate equipped with a thermocouple feedback and stirred with a magnetic
stir rod throughout the etching process. After each interval of etching with the modified Béchet-Beaujard
reagent, samples were immersed in a methanol bath, ultrasonicated, and dried with a heat gun. PAG
boundaries were highlighted in black to enhance their clarity within the provided micrographs.

General imaging of microstructures was accomplished using light optical microscopy (LOM),
where the micrographs were used to determine average grain size, phase area fraction, etc. LOM was
performed with an Olympus Model PMG3 inverted light microscope (LECO Corporation, St. Joseph,
MI, USA) with a PAXcam Model PX-CM digital camera (MIS Inc., Villa Park, IL, USA) and PAX-it!
Image analysis software (MIS Inc., Villa Park, IL, USA, Version 7.8). Electron backscatter diffraction
(EBSD) analysis was performed on isothermally transformed microstructures with a JSM-7000F field
emission-scanning electron microscope (JEOL USA Inc., Peabody, MA, USA) to investigate polygonal
ferrite grain diameter distributions. Prior to EBSD analysis, samples were metallographically prepared
and vibratory polished for at least 4 h using 0.02 μm colloidal silica solution. EBSD scans were
performed at an accelerating voltage of 20 keV, calibrated EBSD camera working distance of 18 mm,
and step size of 0.1 μm. EBSD data were collected with a Hikari Pro detector (EDAX Inc., Mahwah, NJ,
USA) using the TEAMTM software ( EDAX Inc., Mahwah, NJ, USA, Version 4.5), and the datasets were
analyzed with the Orientation Imaging Microscopy Analysis© software ( EDAX Inc., Mahwah, NJ,
USA, Version 8.1). EBSD datasets were cleaned using the following functions: Neighbor Orientation
Correction (Level 3, Tolerance 5.0, Minimum Confidence Index (CI) 0.10); Grain CI Standardization
(Tolerance 5.0, Minimum Size 3, Multi Row 1); and Neighbor CI Correlation (Minimum CI 0.30, Single
Iteration).

Polygonal ferrite and prior austenite grain sizes were determined with the concentric circle method
utilizing the ImageJ software (open-source). The intercepts of the circles with the grain boundaries
were counted, and the average intercept lengths were calculated and reported as the average grain
sizes. A total of 1000 or more grain boundary intercepts were counted for each condition to determine a
representative grain size. Note that prior austenitic twins were observed within some PAGs, but these
were not considered in the PAG size measurements. Aspect ratios of the PAGs were determined
by measuring the major and minor axes of individual grains (assuming an elliptical shape) with
the ImageJ software and calculating their ratios. Inclination angles of the PAGs with respect to the
torsional axis were measured with the ImageJ software and used to quantify the amount of shear
strain that accumulated within the (prior) austenite microstructures using the previously described
metallographic technique developed by Whitley et al. [19]. A total of 100 or more PAGs were measured
for each condition to determine a representative aspect ratio and inclination angle.

The ImageJ software was also used to determine the area fraction of secondary-phase constituents
using an image thresholding procedure. This procedure was employed because of the distinct difference
in the etching response of the polygonal ferrite (carbon depleted) and secondary phase constituents
(carbon rich) with 1 pct nital. First, LOM micrographs were thresholded from grayscale images
to black-and-white images using a grayscale value range that best captured the secondary phase
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constituents but without capturing polygonal ferrite grain boundaries. After thresholding, pixels in
the desired grayscale value range were transformed to white pixels (representing the secondary phase
constituents), while all other pixels were transformed to black pixels (representing polygonal ferrite).
Figure 7 provides an example of the thresholding process. Finally, the ratio of the number of white or
black pixels to the total number of pixels was used to determine the secondary phase constituents or
polygonal ferrite area fractions, respectively. This procedure was repeated at five or more different
areas of the microstructure for each condition to determine representative phase area fractions.

Samples were metallographically prepared and etched with 1 pct nital prior to Vickers
microhardness testing in order to relate microhardness to microstructural features. Vickers
microhardness testing was performed with a LM110 hardness tester (LECO Corporation, St. Joseph,
MI, USA) according to ASTM Standard E384-17 [32]. A 5 × 5 array of indents with an indentation load
of 100 g was used to determine the representative values of the polygonal ferrite in each isothermally
transformed condition. Indentations immediately adjacent to secondary phase constituents (including
large TiN precipitates) were disregarded. Very low indentation loads of 10 g were used to investigate
the small secondary phase constituents. Note that indentation loads like 10 g can result in consistently
higher microhardness values [33], so values determined with this indentation load were used for
comparison only.

 

Figure 7. Example of the image thresholding process used to determine the area fraction of constituent
phases in mixed microstructures: (a) original light optical microscopy (LOM) micrograph, where light
etched regions represent polygonal ferrite and dark etched regions represent the secondary phase
constituents, and (b) processed image, where black pixels represent polygonal ferrite and white pixels
represent the secondary phase constituents.

3. Results

3.1. Strain Accumulation in the (Prior) Austenite

Figure 8 shows the MFS as a function of inverse absolute temperature for the (a) High T Finish
and (b) Low T Finish HSM processing simulations. Two linear regressions are included in each figure:
the first for the roughing stage and the second for the finishing stage (without including the softening
regions). Note that the imparted shear strain was incrementally reduced from the F1 to F7 deformation
steps (1.00 to 0.20) during finish rolling simulations, and deformation parameters were identical
between High T Finish and Low T Finish simulations. The relatively low imparted shear strain for
the F7 deformation step (0.20) contributed to the drop in the MFS observed for that deformation step
in both simulations. Thus, the data obtained from the F7 deformation steps were not considered in
the analysis. The MFS continuously increased from the F1 to F6 deformation steps for High T Finish
simulations. However, a softening region was indicated following the F4 deformation step for Low
T Finish simulations. This softening region was not indicated for High T Finish simulations when
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subjected to identical strains per pass. The rates at which MFS increased with respect to inverse
absolute temperature were similar between the two rolling simulations for both the roughing and
finishing stages. Low T Finish simulations were expected to cause a sharper increase in the rate
at which MFS changed with respect to absolute temperature relative to High T Finish simulations,
but this behavior was not observed. The lack of a sharper increase in the rate of change in MFS with
respect to absolute temperature for Low T Finish simulations may be due to limited strain-induced
precipitation as a result of the finish rolling start (F1) temperature being above the estimated Tnr

coupled with the relatively short interpass times. However, the magnitudes of the MFS were greater
overall for the Low T Finish simulations, since lower deformation temperatures were employed. The
softening region indicated in the last passes near the end of Low T Finish simulations may suggest
recrystallization of the austenite after extensive strain accumulation. Characterization of the prior
austenite microstructures of samples quenched immediately after the final finishing deformation step
(F7) was performed for each simulation to relate the observed PAG morphology with the amount of
shear strain that accumulated during thermomechanical processing. Additionally, a separate sample
underwent Low T Finish simulations but was quenched after the fourth finishing deformation step (F4)
to investigate the prior austenite microstructure immediately preceding the softening region indicated
in Figure 8b.

 

Figure 8. Summary of mean flow stress as a function of inverse absolute temperature for (a) High T
Finish and (b) Low T Finish simulations via hot torsion testing. Two linear regressions are included in
each figure: the first for the roughing stage (R) and the second for the finishing stage (F), excluding the
softening region. The error bars represent one standard deviation.

The prior austenite microstructures produced via hot torsion testing are shown in Figure 9 after
etching with a modified Béchet-Beaujard reagent. Samples that underwent High T Finish simulations
are shown in Figure 9a–c, and samples that underwent Low T Finish simulations are shown in
Figure 9d–f. Three radial positions are shown for each HSM processing simulation: mid-radius, 0.50 (a
and d); effective radius, 0.724 (b and e); and near-surface, 0.90 (c and f). PAG sizes were significantly
refined for Low T Finish simulations (roughly 6–9 μm) compared to High T Finish simulations (roughly
14–15 μm). PAGs were mostly equiaxed for High T Finish simulations, and the (prior) austenite was
only slightly refined by the additional strain near the surface. However, Low T Finish simulations
resulted in mixed (prior) austenite microstructures consisting of larger, pancaked, and aligned grains
and smaller, equiaxed grains. PAGs were not inclined to the torsional axis (horizontal to the page) for
High T Finish simulations, but PAGs were inclined to the torsional axis for Low T Finish simulations
and exhibited an average inclination angle of approximately 60 ± 10◦. Interestingly, the average
inclination angles for the Low T Finish simulations were consistent between the three radial positions
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investigated. This average prior austenite inclination angle corresponds to an accumulation of roughly
1.7 shear strain (0.85 true strain) within the microstructure according to Equation (1). If no shear strain
accumulates during rough rolling simulations, a total of 4.8 shear strain could accumulate during finish
rolling simulations. Therefore, roughly 36 pct of the total shear strain is accumulated during Low T
Finish simulations, while negligible shear strain is accumulated during High T Finish simulations. The
differences in prior austenite morphology are highlighted in Figure 10, where higher magnification
images are shown for the 0.724 radial position.

 

Figure 9. LOM micrographs of the prior austenite microstructures produced via (a–c) High T Finish
and (d–f) Low T Finish simulations. The following radial positions are shown: (a) and (d) 0.50; (b) and
© 0.724; and (c) and (f) 0.90. The torsional axis (TA) is horizontal to the page. Etched with a modified
Béchet-Beaujard reagent, and prior austenite grain boundaries are highlighted in black.
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Figure 10. Higher magnification LOM micrographs of the prior austenite microstructures produced via
(a) High T Finish and (b) Low T Finish simulations highlighting differences in morphology. The 0.724
radial position is shown in both. The torsional axis (TA) is horizontal to the page. Dashed lines in
(b) show the inclination angles of various prior austenite grains. Etched with a modified Béchet-Beaujard
reagent, and prior austenite grain boundaries are highlighted in black.

Figure 11 summarizes the average PAG (a) size and (b) aspect ratio with respect to radial position
determined for microstructures produced via High T Finish and Low T Finish simulations. Note that
as radial position increases (towards the surface), the amount of shear strain imposed during torsion
testing increases according to Equation (2). PAG size decreases with increasing radial position for
both High T Finish and Low T Finish simulations. Radial position had a greater influence on PAG
size refinement for Low T Finish simulations compared to High T Finish simulations. PAG aspect
ratios ranged between approximately 1–2 and 1–3.5 for High T Finish and Low T Finish simulations,
respectively, considering all radial positions. The large range of PAG aspect ratios for Low T Finish
simulations was a result of its mixed nature involving pancaked grains with higher aspect ratios along
with fine, equiaxed grains with lower aspect ratios. The PAG morphology becomes more equiaxed
with increasing radial position, especially for Low T Finish simulations. The micrographs provided in
Figure 9d–f and data summarized in Figure 11 suggest that greater imposed shear strain results in
a greater amount of fine, equiaxed (prior) austenite grains for Low T Finish simulations. The prior
austenite microstructures and MFS results are consistent with the occurrence of recrystallization due to
high strain accumulation.

 

Figure 11. Prior austenite grain (a) size and (b) aspect ratio with respect to radial position determined
for microstructures produced via High T Finish and Low T Finish simulations. The error bars represent
one standard deviation.

171



Metals 2020, 10, 334

The prior austenite microstructure produced via Low T Finish simulations and quenched after
the fourth finishing deformation step (F4) is shown in Figure 12 after etching with a modified
Béchet–Beaujard reagent. Only the 0.724 radial position is shown. PAGs were mostly pancaked
and inclined to the torsional axis, but some fine, equiaxed grains can also be observed (Figure 12b).
The PAG size was approximately 11 ± 1 μm, which was greater than the PAG size that resulted from
quenching after the final finishing deformation step (F7). That value was approximately 7.2 ± 0.3
μm at the effective radius. The finer and more equiaxed (prior) austenitic microstructure obtained
after complete Low T Finish simulations compared to quenching after the F4 step suggests that more
austenite recrystallization occurred (whether statically and/or dynamically) due to the additional shear
strain that was imparted during thermomechanical processing. Figure 13 shows PAG inclination angle
histograms constructed for Low T Finish simulations quenched after the (a) F4 step and (b) F7 step.
Data were collected at the 0.724 radial position. Interestingly, both simulations resulted in similar
distributions of inclination angles, and the average inclination angles were determined to be 60◦ ± 8◦
and 59◦ ± 10◦ for interrupted and complete Low T Finish simulations, respectively. This microstructural
inclination angle may correspond to a critical amount of shear strain (approximately 1.7) that must
accumulate during thermomechanical processing before a significant driving force for austenite
recrystallization is available.

 

Figure 12. LOM micrographs of the prior austenite microstructures produced via Low T Finish
simulations and quenched after the fourth finishing deformation step (F4): (a) lower and (b) higher
magnification. The 0.724 radial position is shown in both. The torsional axis (TA) is horizontal to the
page. Dashed lines in (b) show the inclination angles of various prior austenite grains. Etched with a
modified Béchet–Beaujard reagent, and prior austenite grain boundaries are highlighted in black.

 

Figure 13. Prior austenite grain (PAG) inclination angle histograms for microstructures produced
via Low T Finish simulations: (a) quenched after the fourth finishing deformation step (F4) and
(b) quenched after the final finishing deformation step (F7). Data were obtained at the 0.724 radial
position for both cases.
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3.2. Isothermally Transformed Microstructures

The polygonal ferrite microstructures produced via hot torsion testing followed by isothermal
holding at 650 ◦C for 30 min are shown in Figure 14 after a 1 pct nital etch. Samples that underwent
High T Finish simulations are shown in Figure 14a–c, and samples that underwent Low T Finish
simulations are shown in Figure 14d–f. Three radial positions are shown for each HSM processing
simulation: mid-radius, 0.50 (a and d); effective radius, 0.724 (b and e); and near-surface, 0.90 (c and f).
Table 4 summarizes the average polygonal ferrite area fraction, grain size, and Vickers microhardness
for each condition. All radial positions for each HSM processing simulation exhibited a mostly
ferritic microstructure (greater than 97 pct), where a small amount of secondary phase constituents
was observed in some conditions. However, High T Finish simulations clearly resulted in more
secondary phase constituents than Low T Finish simulations. The average Vickers microhardness for
the secondary phase constituents in the High T Finish and Low T Finish simulations (both evaluated at
the 0.724 radial position) was approximately 550 HV (10 g). The presence of hard, secondary phase
constituents negatively impacts stretch-flange formability [7,8]. Polygonal ferrite grain sizes were
significantly refined for Low T Finish simulations (roughly 2.7–3.2 μm) compared to High T Finish
simulations (roughly 5.2–6.0 μm). The refinement observed for Low T Finish simulations is due to
the increased boundary surface area per grain volume from the austenite pancaking and generation
of defects, both of which enhance the ferrite nucleation kinetics during austenite decomposition [12].
Polygonal ferrite grain sizes were relatively consistent for all the radial positions investigated for
each processing simulation. Finally, polygonal ferrite microhardness was similar for the Low T Finish
conditions, due in part to the refined grain size, except for the 0.90 radial position, which exhibited a
marked decrease in microhardness. Thermomechanical processing may have an important influence on
microalloy precipitation within the ferrite, and this behavior is being investigated in ongoing research.

Table 4. Characteristics of Isothermally Transformed Microstructures.

Simulation
Designation

Radial
Position

Ferrite Area
Fraction (pct)

Ferrite Grain
Size (μm)

Ferrite Vickers
Microhardness (100 g)

High T Finish
0.50 97.4 5.4 ± 0.3 263 ± 9

0.724 98.7 5.2 ± 0.3 271 ± 13
0.90 > 99 6.0 ± 0.4 256 ± 8

Low T Finish
0.50 98.8 3.2 ± 0.1 283 ± 8

0.724 > 99 3.1 ± 0.1 284 ± 6
0.90 > 99 2.7 ± 0.05 245 ± 11

EBSD analysis of polygonal ferrite microstructures produced via both processing simulations
was performed to measure grain diameter distributions. Composite image quality (IQ) and inverse
pole figure (IPF) maps for the High T Finish and Low T Finish simulations are shown in Figure 15a,b,
respectively, for the 0.724 radial position. These maps provide a clear delineation of polygonal ferrite
grains and highlight the substantial differences in overall morphology that resulted from the different
HSM processing simulations. Figure 16 shows ferrite grain diameter histograms constructed for (a)
High T Finish and (b) Low T Finish simulations, where data were collected and averaged from four
90 × 90 μm2 regions. High T Finish simulations exhibited a bimodal distribution centered around 2–4
and 10–20 μm and Low T Finish simulations exhibited a unimodal distribution centered around 1–4 μm.
Additionally, the average ferrite grain diameters determined by EBSD analysis were approximately
4.8 ± 0.1 and 2.7 ± 0.1 μm for the High T Finish and Low T Finish simulations, respectively. These
values are similar to the values determined via LOM using the concentric circle method for the
0.724 radial position. Overall, these data suggest that extensive austenite strain accumulation before
decomposition is required to achieve fine, homogeneous microstructures of polygonal ferrite and to
avoid small amounts of hard, secondary-phase constituents.
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Figure 14. LOM micrographs of the polygonal ferrite microstructures produced via (a–c) High T Finish
and (d–f) Low T Finish simulations followed by isothermal holding at 650 ◦C for 30 min. The following
radial positions are shown: (a) and (d) 0.50; (b) and (e) 0.724; and (c) and (f) 0.90. The torsional axis
(TA) is horizontal to the page. Etched with 1 pct nital.
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Figure 15. Composite image quality and inverse pole figure maps obtained with EBSD analysis of the
polygonal ferrite microstructures produced via (a) High T Finish and (b) Low T Finish simulations
followed by isothermal holding at 650 ◦C for 30 min. The 0.724 radial position is shown in both.
The torsional axis (TA) is horizontal to the page.

 
Figure 16. Ferrite grain diameter histograms obtained with EBSD analysis of the polygonal ferrite
microstructures produced via (a) High T Finish and (b) Low T Finish simulations followed by isothermal
holding at 650 ◦C for 30 min. Data were obtained at the 0.724 radial position for both.

4. Conclusions

The effects of extensive differences in austenite strain accumulation before decomposition on
(prior) austenite morphology and microstructural development after isothermal transformation were
investigated for a low-carbon, Ti-Mo microalloyed steel. Roughly 36 pct of the total shear strain
imparted during finish rolling simulations accumulated within the prior austenitic microstructures for
Low T Finish simulations, while negligible shear strain was accumulated for High T Finish simulations.
The amounts of shear strain that accumulated during Low T Finish simulations were similar (roughly
1.7) at multiple radial positions subjected to different total strains, as well as for both interrupted and
complete multi-pass rolling simulations. This value of accumulated shear strain may indicate a critical
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amount of strain that must accumulate during thermomechanical processing before a sufficient driving
force for austenite recrystallization is available in this steel. Low T Finish simulations resulted in a
significant refinement in PAG size compared to High T Finish simulations, and greater imposed shear
strain resulted in a greater amount of fine, equiaxed austenite grains (intermixed with larger, pancaked
grains) for Low T Finish simulations. Additionally, Low T Finish simulations followed by isothermal
holding at 650 ◦C for 30 min resulted in a significant refinement in polygonal ferrite grain sizes and
better homogenization compared to High T Finish simulations. Therefore, the results suggest that
extensive austenite strain accumulation before decomposition is required to achieve fine, homogeneous
microstructures of polygonal ferrite and to avoid small amounts of hard, secondary-phase constituents
that may diminish stretch-flange formability.
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Abstract: The influence of V additions on isothermally formed bainite in medium carbon steels
containing retained austenite has been investigated using in-situ high energy X-ray diffraction
(HEXRD) and ex-situ electron energy loss spectroscopy (EELS) and energy dispersive X-ray analysis
(EDX) techniques in the transmission electron microscope (TEM). No significant impact of V in solid
solution on the bainite transformation rate, final phase fractions or on the width of bainite laths was
seen for transformations in the range 375–430 ◦C. No strong influence on the dislocation density
could be detected, although quantitative analysis was impeded by ferrite tetragonality. A reduction
in the carbon content of retained austenite Cγ that is not believed to be due to competition with
VC or cementite precipitation was observed. No influence of V on the carbon supersaturation in
bainitic ferrite Cb could be directly measured, although carbon mass balance calculations suggest Cb

slightly increases. A beneficial refinement of blocky MA and a corresponding size effect induced
enhancement in austenite stability were found at the lowest transformation temperature. Overall, V
additions result in a slight increase in strength levels.

Keywords: bainite; vanadium microalloying; austenite stability; HEXRD; EELS

1. Introduction

Vanadium additions are known to be beneficial for improving the strength and/or the in-use
performance of several classes of advanced high strength steel (AHSS) products. These include low
carbon hot rolled bainitic steels [1], medium carbon air-cooled bainitic forging steels [2–4], intercritically
annealed low and medium carbon transformation induced plasticity (TRIP) and dual phase (DP)
sheets [5], medium carbon ferritic hot strips [6,7] and high carbon austenitic twinning induced plasticity
(TWIP) steels [8,9]. Classically, the vanadium strengthening effect in carbon-manganese steels is
attributed to a combination of microstructure refinement and precipitation hardening [10]. However,
vanadium can also provide positive effects while still in solid solution. For example, in bainitic steels
that are fast cooled from temperatures above Ac3 and transformed below Bs almost all of the added
vanadium remains in solid solution [3,4]. Nevertheless, for low carbon alloys it is clear that there can be
a beneficial strengthening effect from vanadium due to a notable decrease in the bainite transformation
temperature [1]. Further, bainite softening during coiling is reduced in a manner analogous to the
well known effect of vanadium on the temper softening of martensite [11]. While the situation for low
carbon (i.e., containing < 0.1 wt. % C) bainite now seems reasonably clear, few detailed studies on
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technologically important medium carbon bainitic alloys (0.2–0.4 wt. % C) are available. For example,
in 0.25 wt. % C alloys with V additions of up to 0.4 wt. % Sourmail and co-authors [2,3] reported
no significant precipitation or clustering of V and no effect on the bainite reaction for isothermal
transformations in the range 375–450 ◦C. In fact, the dominant effect of vanadium in these alloys was a
strong reduction in the critical cooling rate for pearlite formation, leading to a significant improvement
in hardenability for large sections. Wang et al. [4] found that the addition of 0.13 wt. % V in bainitic
forging steels was advantageous for both strength and toughness under as-forged slow air-cooled
conditions, but that the benefits were reduced as the cooling rate increased.

In low carbon steels the bainitic transformation is very rapid and, depending on the composition
and cooling rates applied on the hot strip mill run out table, can begin during fast cooling before
the coiling temperature is reached. The situation is more complicated in the medium carbon steels
considered here as the bainitic transformation is much slower and carbon partitioning will result in the
presence of a second phase of carbon-stabilized retained austenite (RA). Often, silicon additions are
employed to delay cementite formation in bainitic ferrite and increase the amount of carbon available
for retained austenite stabilization [12]. Further, the high dislocation densities formed in fresh bainitic
ferrite may accelerate vanadium carbide and nitride nucleation. In this work, a powerful combination
of in-situ high energy synchrotron X-ray diffraction (HEXRD) and ex-situ electron back scattered
diffraction (EBSD) and electron energy loss spectroscopy (EELS) and energy dispersive X-ray mapping
(EDX) techniques to determine the effect of vanadium additions on the evolution of the microstructure
before, during and after the bainitic transformation in two model alloys is applied. An important
aspect of this study is that all of the experimental work including the heat treatment, in-situ diffraction,
ex-situ microscopy and mechanical testing was carried out on the same samples. This was done in
order to eliminate, as far as possible, the effects of heterogeneous composition and/or processing.

2. Materials and Methods

In this work the effect of vanadium on the bainitic transformation in two laboratory alloys, Ref and
Ref+V was studied, using a range of in-situ diffraction and ex-situ microscopy techniques. The in-situ
work was done using synchrotron X-ray diffraction to determine the evolution of the phase fractions,
the average carbon content in austenite and the dislocation density in bainitic ferrite. Ex-situ optical
and scanning electron microscopy (including EBSD) were applied to compare the microstructural
parameters such as bainite lath size and MA island sizes. Transmission electron microscopy was also
employed to characterize precipitate size and chemistry using EDX mapping and to measure the local
carbon content in austenite, martensite and bainitic ferrite.

The chemical compositions of the two alloys, Ref and Ref+V, are given in Table 1. The nitrogen
content was deliberately kept low in order to maximize the amount of vanadium in solution during
the bainite transformation. The vanadium content was based on previous work on TRIP alloys [13]
and is typical of bainitic forging applications. The steels were cast into 50 kg ingots from a single 200
kg heat in a vacuum induction melting (VIM) furnace at CanmetMATERIALS (CMAT). The chemical
compositions of the solidified ingots were verified by optical emission spectroscopy (OES) and LECO
combustion analysis for C and N. Hot rolling was carried out on the CMAT pilot hot strip mill. The
ingots were reheated to 1220 ◦C, held at temperature for 3 h and then hot rolled from 75 to 15 mm in
6 passes. The final rolling pass was carried out above 900 ◦C and the finished plates were allowed to
air cool.

Table 1. Chemical compositions of the studied steels, wt. %.

Steel C Mn Si Mo V Al N

Ref 0.22 2.2 1.8 0.2 - 0.01 0.0028
Ref+V 0.22 2.2 1.8 0.2 0.15 0.01 0.0027
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Hollow tube specimens with an outer diameter of 4 mm, an inner diameter of 2 mm and a length
of 10 mm were directly machined from the hot rolled plates. They were cut with the cylindrical axis
parallel to the rolling direction and centered at 1

4 plate thickness. The tube geometry has two important
advantages for this study; firstly the amount of X-ray absorption is reduced by having thin wall sections
and secondly induction heating and gas cooling is much more efficient and homogeneous with hollow
samples. A Bahr DIL 805 deformation dilatometer was used to determine the alloy transformation
temperatures Ac1, and Ac3 using a heating rate of 5 ◦C/s. Optical microscopy (OM), EBSD and Vickers
microhardness testing were all done on wall sections obtained by cutting the tubes into two equal
half cylinders and polishing the cut faces. Specimens for OM were first polished with 1 μm diamond
paste, then finished with Struers OPS solution before etching with a Klemm reagent. EBSD maps were
acquired from the same OM samples after repolishing. The EBSD data was acquired using an EDAX
TSL system on a Nova NanoSEM 650 field emission gun scanning electron microscope (FEG-SEM).
The spot spacings used were 200 nm and 80 nm. Vickers microhardness was measured using a Clemex
MMT-X7B tester under 300 gf force and 10 s dwell time according to the ASTM E384 standard.

The in-situ HEXRD experiments were carried out at the Petra (Hamburg) P07 beam line operated
in transmission mode under powder diffraction conditions. A high-energy monochromatic beam
with 100 keV energy and 0.12 Å wavelength permitted data acquisition in the transmission mode at a
frequency of � 10 Hz. A 2-D Perkin-Elmer charge coupled device (CCD) detector was positioned 1 m
behind the sample, giving access to full Debye-Scherrer rings with a maximum 2θ angle of 12◦. The
X-ray beam cross section was 400 μm × 400 μm so that the analyzed volume contained at least 10,000
austenitic grains at the start of each experiment. The applied thermal cycles were controlled using
another Bahr dilatometer available at the P07 beam line. Specimens were heated by induction and
cooled by argon gas. The temperature was regulated and recorded by a thermocouple spot-welded at
the center of the sample. The setup was the same as that used in [14].

The 2-D diffraction patterns produced during the synchrotron experiments were circularly
integrated using the Fit2D software [15] after calibration using Si powder and the resulting 1-D
diffractograms were analyzed with a full Rietveld refinement procedure. The diffraction peaks were
fitted by pseudo-Voigt functions using the FullProf code [16] with 16 degrees of freedom (background,
lattice parameters, peak shape and temperature effects) to determine the phase fractions and the lattice
parameters. In all the following experiments only two phases were detected in the diffraction patterns:
a face-centered cubic phase, corresponding to austenite; and a body-centered phase. The latter could
correspond to either body-centered tetragonal (bct-martensite or supersaturated bct-bainitic ferrite)
or body-centered cubic (bcc) ferrite. It was not possible to isolate the contribution of each based on
tetragonal distortion. Therefore, during the Rietveld refinement procedures the lattices of the two
phases were considered to be cubic (Fm3m for austenite and Im3m for martensite/bainite). It is also
important to note that no peaks from carbides of any type (including cementite) were detected on
the diffractograms.

The austenite carbon content Cγ starts to change from the nominal value during the bainitic
transformation when carbon diffuses from fresh bainite into the parent austenite phase. This causes
the austenite lattice parameter aγ to increase linearly with the amount of carbon rejected from bainitic
ferrite. In these trials the transformation is isothermal, so the austenite carbon content was determined
by calculating the relative lattice dilatation Δaγ between each measured lattice parameter value, am

and a reference lattice parameter determined at the transformation temperature before any bainite has
formed, atr. This difference is proportional to the austenite carbon enrichment ΔCγ as follows [14]:

Δaγ = am − atr = kCΔCγ (1)

The coefficient of proportionality kC is taken to be 0.00105 nm/(at. %)C [17,18]. The absolute
carbon content in austenite is then obtained by adding ΔCγ to the nominal carbon content.

Planar TEM thin foils were prepared from the same specimens that were analyzed in the
synchrotron. To do this, the tube samples were cut in half in the direction parallel to the rotation axis
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and one of the resulting half cylinders was gently flattened and then mechanically thinned to 100
μm. The other half cylinder was used for microscopy and microhardness testing. Standard 3 mm
disks were punched out of the flattened tubes and perforated by twin-jet polishing using a Struers
Tenupol 5 and Struers A8 electrolyte. The specimens were analyzed in a Technai Osiris 200 keV X-FEG
(S)TEM equipped with a 4 element windowless Super-X EDX detection system and a Gatan Enfina
EELS analysis system. The carbon content in martensite, bainite and retained austenite phases was
measured by EELS using a standards based second difference acquisition technique developed by
the authors [18]. All equilibrium and kinetic thermodynamic calculations were carried out using the
MatCalc 6.02 (rel 1.003) software [19] using the mc_fe_v2.011 diffusion data base, the mc_fe_1.003
physical database and the mc_fe_2.059 thermodynamic database.

3. Results

Section 3.1 is concerned with the determination of the optimum experimental conditions.
Section 3.2 contains the OM, SEM and microhardness data. Section 3.3 provides an exploitation
of the in-situ synchrotron results. Complementary data obtained from TEM analyses are presented in
Section 3.4.

3.1. Definition of the Thermal Cycles

The solution treatment employed here was designed as a compromise to best satisfy several
mutually incompatible requirements:

• The specimens should be completely austenitized with an austenite grain size as small as possible
in order to maximize the number of diffracting crystallites and minimize texture effects in the
HEXRD experiments.

• Vanadium precipitates formed either during hot rolling or during the reheating ramp should
be redissolved to maximize the amount of vanadium and carbon in solution before the
bainite transformation.

• Any cementite formed during reheating should be dissolved to maximize the interstitial carbon
content in austenite before the bainite transformation.

The equilibrium transformation temperatures Ae1 and Ae3 for Ref and Ref+V were calculated
using the MatCalc 6 code and compared with experimental dilatometry data [20] in Table 2. The
bainitic start temperature Bs and the martensite start temperature Ms calculated from the empirical
equations of Kircaldy and Venugopalan [21] and Andrews [22] respectively are also shown.

Table 2. Experimental and calculated transformation temperatures.

Steel Ae1 (calc) Ac1 (exp) Ae3 (calc) Ac3 (exp) Tsol V(CN) Bs (calc) [21] Ms (calc) [22]

Ref 707 ◦C 700 ◦C 831 ◦C 933 ◦C - 423 ◦C 375 ◦C
Ref+V 713 ◦C 748 ◦C 840 ◦C 975 ◦C 1067 ◦C 423 ◦C 375 ◦C

As expected, the addition of vanadium tends to increase the equilibrium transformation
temperatures and stabilize the ferrite phase. The most important effect is on the kinetics—during
continuous heating vanadium greatly reduces the austenite nucleation and growth rate in the intercritical
region, resulting in a >40 ◦C increase in Ac1 and Ac3 at a constant heating rate of 5 ◦C/s. This behavior
has been previously observed by the authors in microalloyed dual phase (DP) steels [5]. The calculated
solution temperature for V(C,N) in Ref+V is 1067 ◦C. In the interests of optimizing the austenite grain
size for the synchrotron experiment it was decided to use the lowest possible austenitizing temperature
and soaking time and tolerate the inevitable presence of a small fraction of precipitated V(C,N). This
will be considered further in the discussion section. Therefore a combination of 900 ◦C/120 s for the
austenitization parameters was chosen. It was verified by dilatometry that this was sufficient for the
complete austenitization of both alloys. Not much reliable information on the effect of vanadium on Bs
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and Ms exists for this class of steels. Therefore, three isothermal bainitic transformation temperatures
spanning the range of the theoretical values; 375 ◦C, 400 ◦C and 430 ◦C were studied. The optimum
cooling rate after austenitization was determined experimentally from the initial synchrotron trials. The
cooling rate should be fast enough to avoid the formation of bainite before the isothermal temperature
is attained, but slow enough so that there is no significant temperature undershoot at the transition
point. It was found that a cooling rate of 40–50◦ C*s−1 satisfied these requirements. The experimental
thermal cycles are shown in Figure 4a.

3.2. Microstructure and Mechanical Properties

The microstructure of the Ref and Ref+V alloys transformed at 375 ◦C can be seen after
Klemm etching in Figure 1. The matrices (colored dark) are fully bainitic with second phase
retained austenite and/or martensite (MA) colored light. The second phase consists of two distinct
morphologies—alignments of thin films or small islands along interlath boundaries and prior austenite
grain (PAG) boundaries and coarser blocky islands with a more random distribution. The area fraction
and the mean size of second phase islands were determined using the ImageJ analysis software for all
three transformation temperatures. The results are listed together with the corresponding synchrotron
HEXRD, EBSD and TEM data in Tables 3 and 4.

  

Figure 1. Optical Micrographs (Klemm etch) of Ref and Ref+V alloys isothermally transformed at
375 ◦C in the synchrotron (a) Ref and (b) Ref+V. The light colored phase is martensite/retained austenite.

The EBSD data from specimens transformed at 375 ◦C are presented in Figure 2a–f. Similar results
were obtained for the 400 ◦C transformation (not shown). The 430 ◦C transformation samples were
not studied. The Euler orientation maps are shown in Figure 2a,b, the size distributions determined
from low angle boundaries (θ < 5◦) are compared in Figure 2c, the grain misorientation frequencies in
Figure 2d and the image quality (IQ) maps with superimposed austenite islands (red color) in Figure 2e,f.
The frequency distributions of grain boundary misorientation angles were typical of lower bainitic
microstructures with dominant fractions of low misorientation (θ < 15◦) and high misorientation
(θ > 50◦) boundaries. Vanadium additions clearly had little or no effect on the distributions at 375 ◦C.
The effective grain size for low angle boundaries (θ < 5◦) thought to define the effective lath size [23] is
reported in Table 4. An estimate of the MA fractions and mean MA island area was determined from
the poorly indexed regions in the IQ maps. This information, together with the RA fraction is reported
in Tables 3 and 4.
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Ref 375 °C Ref+V 375 °C 

  

  

  

Figure 2. Electron back scattered diffraction (EBSD) data from Ref and Ref+V alloys transformed
at 375 ◦C: (a,b) Euler orientation maps with high angle (θ > 15◦) boundaries shown; (c) low angle
(θ < 5◦) boundary size distributions; (d) misorientation frequencies and (e,f) image quality maps with
superimposed austenite islands in red.
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Table 3. Phase fractions from synchrotron high energy synchrotron X-ray diffraction (HEXRD), EBSD
and optical microscopy data.

Alloy
Average
Cooling

Rate

Transformation
Temperature

Bs

(5%)

Time for
95%

Completion

HEXRD
Final

Bainite
Fraction

HEXRD
RA

Fraction
(25 ◦C)

HEXRD
Martensite

Fraction

EBSD
RA

Fraction

EBSD
MA

Fraction

OM
MA

Fraction

Ref 44 ◦C/s 375 ◦C 375 ◦C 160 s 87% 12% 0.3% 5.4% 1.5% 5.1%
Ref 50 ◦C/s 400 ◦C 400 ◦C 129 s 86% 14% 0.9% 5.3% 3.4% 6.9%
Ref 45 ◦C/s 430 ◦C 430 ◦C 117 s 78% 19% 2.5% NA NA 11.3%

Ref+V 42 ◦C/s 375 ◦C 381 ◦C 127 s 89% 11% 0.6% 4.8% 5.4% 2.3%
Ref+V 50 ◦C/s 400 ◦C 504 ◦C 94 s 85% 14% 0.9% 4.8% 6.8% 6.9%
Ref+V 45 ◦C/s 430 ◦C 432 ◦C 114 s 75% 19% 5.9% NA NA 10.7%

Table 4. Microstructure parameters from EBSD, TEM and OM data.

Alloy
Transformation
Temperature

Vickers
Hardness

EBSD Effective
Grain Size

q < 5◦
TEM Mean
Lath Width

EBSD Mean
MA Area

OM Mean
MA Area

Ref 375 ◦C 412 HV 1.01 mm 0.285 mm 0.53 mm2 0.22 mm2

Ref 400 ◦C 387 HV 0.96 mm 0.249 mm 0.60 mm2 0.22 mm2

Ref 430 ◦C 357 HV NA 0.226 mm NA 0.44 mm2

Ref+V 375 ◦C 422 HV 0.90 mm 0.252 mm 0.38 mm2 0.09 mm2

Ref+V 400 ◦C 390 HV 1.04 mm 0.211 mm 0.49 mm2 0.16 mm2

Ref+V 430 ◦C 372 HV NA 0.263 mm NA 0.44 mm2

Vickers microhardness measurements were obtained from the as-rolled plates and from the tube
samples after thermal treatment in the synchrotron (Table 4, Figure 3). The hardness of the air-cooled
hot strips was found to be 343 ± 15 HV for the Ref alloy and 361 ± 12 HV for Ref+V after air cooling.
This is equivalent to an increase of ~+60 MPa in the YS [24]. As expected, fast cooled and isothermally
transformed bainitic samples were all stronger than the as-rolled condition, with the highest hardness
(422 HV) occurring for the Ref+V alloy transformed at 375 ◦C. Vanadium additions improved the
alloy strength at all transformation temperatures, but the difference at 400 ◦C was very small. This
could indicate that the presence of vanadium introduces different strengthening mechanisms operating
at low and high transformation temperatures. The maximum vanadium-related hardness increase
after isothermal transformation occurred at 430 ◦C (+15 HV or ~+50 MPa). The gain in strength was
therefore proportionately much lower than that achieved under slow air cooling conditions.

 

Figure 3. Vickers microhardness data from air-cooled as-rolled and isothermally transformed samples.

3.3. Synchrotron XRD—Phase Fractions, Carbon Partitioning and Dislocation Densities.

The evolution of the bcc phase fraction with time and temperature can be readily determined from
the in-situ XRD data. Figure 4a shows the results obtained for the Ref and Ref+V alloys isothermally
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transformed at 375 ◦C, 400 ◦C and 430 ◦C. Time t = 0 s on the horizontal axis corresponds to the start
of the fast cooling ramp after soaking at 900 ◦C. The isothermal section ends at t = 612 s. At this
point, any unstable austenite transforms to martensite during the final cooling step. The amount of
martensite formed during secondary cooling is very limited except for the Ref+V alloy transformed at
430 ◦C. Although the HEXRD detection limit for ferrite is excellent (0.1% volume fraction) there is a
large mathematical uncertainty in the calculated volume fractions for ferrite fractions < 5% during the
refinement procedure. This is partly due to the highly textured nature of the very first ferrite nuclei.
In consequence only data with >5% bcc fraction is reported. The phase fractions are summarized in
Table 3 (uncertainty ± 1%).

 
Figure 4. HEXRD data from Ref and Ref+V alloys as a function of the transformation temperature.
(a) Body-centered cubic (bcc) phase fraction and (b) carbon content in austenite.

Following current theory, the total amount of bainite formed increased as the isothermal
transformation temperature decreased (Figure 4a) and the RA fraction followed the opposite trend
(Table 3). From the HEXRD data, the addition of vanadium had virtually no effect on the final bainite
fraction after transformation at 375 ◦C and 400 ◦C and introduced a slight decrease at 430 ◦C. It had
no influence on the final fraction of retained austenite at any transformation temperature, although
it did increase the unstable austenite content at 430 ◦C. This slight excess austenite transformed to
give 5.9% martensite fraction during final cooling, compared to only 2.5% for the Ref alloy under
identical conditions. The bainite start transformation temperature, Bs, defined here as the temperature
at which 5% of the final bainite fraction is detected, occurred either at or very close to the isothermal
temperature for all of the trials, except for Ref+V at 400 ◦C. The time required to complete 95% of the
bainite transformation decreased as the transformation temperature is lowered—this is expected as
the thermodynamic driving force for austenite decomposition increases. The addition of vanadium
appears to very slightly accelerate the transformation, but the effect is not significant.

The magnitude of the RA fraction detected by EBSD was lower than the HEXRD data by a factor
of >2 and the MA fraction was much higher. Other authors have reported analogous discrepancies
with similar bainitic steels [4]. Either more than 50% of all RA is contained in films and islands that
are below the EBSD resolution limit (80 nm step size) or it is unstable and transforms to martensite
during the specimen preparation. Nevertheless, all techniques show that the same trends are followed.
For both steels, the mean MA island size decreased as the transformation temperature was lowered.
However, a significant additional refinement from the vanadium addition was apparent at 375 ◦C
where the mean EBSD MA island size in Ref+V was 0.38 μm2 compared to 0.53 μm2 for the Ref alloy.

The evolution of Cγ as the bainite transformation progresses can be seen in Figure 4b. Comparing
Figure 4b with Figure 4a, it is interesting to note that partitioning of carbon to austenite follows a
sigmoidal type kinetic that is much slower than the bainite formation rate. Indeed, at the lowest
transformation temperature partitioning is still active at the end of the isothermal plateau (600 s), even
although the bainite transformation stopped more than 300 s before. The final RA carbon content in
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both alloys (Table 5) increased monotonically with decreasing transformation temperature in agreement
with the T0 model [25].

From Figure 4b and Table 5, the addition of vanadium changed the austenite carbon enrichment,
i.e., Cγ was systematically lower in Ref+V at the end of transformation, for all transformation
temperatures. The difference was large at 430 ◦C and at 375 ◦C but very small at 400 ◦C. As all of
the Ref+V samples were machined from the same plate and processed identically, there is unlikely
to be any variation in the fraction of carbon trapped in vanadium carbide precipitates formed prior
to the fast cooling step. Now, for a fixed transformation temperature Table 3 shows that the RA
fraction is the same for both alloys, so these data suggest that vanadium is in some way restricting the
amount of carbon available for partitioning to austenite. Further, the severity of the effect may have
a complex temperature dependence. This could be related to carbon trapping by undissolved prior
VC precipitates or the formation of new VC/VxCy clusters in bainitic ferrite. Alternatively, vanadium
may promote faster cementite formation in bainite. It is also possible that vanadium could directly
consume some of the carbon partitioned to austenite by precipitating as VC inside highly enriched
austenite islands. Another theory is that solute vanadium retards recovery in bainitic ferrite leading to
a higher defect (dislocation) density that in turn increases the effective carbon solubility. These points
are discussed further in the next sections.

Measuring Dislocation Densities

The dislocation density in bainitic ferrite at the end of the isothermal transformation is a critical
parameter in evaluating the structure/properties relationship of these steels. TEM imaging can be
used to estimate dislocation densities on a microscopic scale (as long as the foil thickness is known),
however the highly disorganized nature of these microstructures (see the next section) would require
extensive sampling to avoid serious errors in determining the average dislocation density. HEXRD
can provide an accurate measurement of global dislocation densities [26]. Normally, Williamson–Hall
(W–H) or Warren–Averbach (W–A) type analyses are used to isolate the contribution to the full width
half maximum (FWHM) peak broadening from microstrain and hence determine the dislocation
density. An attempt was made to calculate the dislocation densities in bainitic ferrite from the {110}α,
{200} α, {211} α, {220} α and {310} α peak line broadening (after subtraction of the contribution from
instrumental broadening) using the Williamson–Hall (W–H) method [27,28]. Unfortunately, the W–H
values for dislocation densities were unphysically high for both alloys, almost certainly because
tetragonality-induced peak splitting was present. However, the W–H plots did show a strong linear
dependence on sin θ, indicating that strain broadening and not crystallite size was the major constituent.
The degree of influence of vanadium on the dislocation density in bainitic ferrite was estimated by
comparing the angular width at half maximum of the {011}α peaks from both alloys at the end of
the isothermal hold (Figure 5a,b). The {222}α reflection, whose angular width is less sensitive to
tetragonality than {011}α, would be a better choice for this. However, as there is almost perfect
superposition between {222}α and {311}γ reflections, these peaks cannot be separated. Based on the
trends seen in the W–H plots, it is reasonable to interpret Figure 5b as a qualitative plot of the variation
of dislocation density with transformation temperature. For both steels, the dislocation density was
highest during transformation at 375 ◦C and linearly decreased as the temperature increases. From
Figure 5b the absolute difference in the {011}α FWHM of Ref and Ref+V was never more than 1.7% at
any transformation temperature (measured after 600 s). As this is comparable with the uncertainty in
the FWHM measurement, it is not possible to demonstrate that there is any significant difference in the
dislocation density of bainitic ferrite due to vanadium additions.
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(a) (b) 

Figure 5. (a) HEXRD {011}α reflection for Ref and Ref+V transformed for 600 s at 375 ◦C. (b) Comparison
of {011}α peak broadening for Ref and Ref+V transformed for 600 s at 375 ◦C, 400 ◦C and 430 ◦C.

3.4. TEM—Microstructure

Thin foil samples from all of the specimens listed in Table 3 were examined in the TEM. Consistent
with Figure 1, the matrix phase was lath bainite (Figure 6a) with thin (<100 nm) films of retained
austenite situated between the bainite laths (Figure 6b). Some martensite was detected at higher
transformation temperatures, usually associated with the RA films (Figure 6c). The linear defects
visible in the austenite lath of Figure 6c are most likely epsilon martensite. Other areas showed plate or
granular bainite (Figure 7). Overall, very few cementite precipitates were observed, in agreement with
the HEXRD findings.

(a) (b) (c) 

Figure 6. (a) Bright field STEM image of the Ref alloy transformed at 430 ◦C; (b) dark field STEM image
showing austenite films (γ(110) reflection) from Ref+V transformed at 430 ◦C and (c) bright field STEM
image of Ref transformed at 430 ◦C showing RA partially transformed to martensite.

The bainitic lath size was estimated by selecting blocks with lath boundaries that were normal
to the foil surface and measuring the average distance between the lath boundaries (Figure 6a). The
results can be seen in Table 4 and in Figure 7. The heterogeneous nature of these microstructures makes
it very difficult to determine a reliable value for the lath width and it is impossible to say from the
data that there is any significant difference between the Ref and Ref+V specimens. The bainite lath
width actually appears to increase slightly with decreasing transformation temperature for the Ref
alloy, which is contrary to current theory [25]. However, the scatter in the measurement is large and
the trend could be misleading.
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Figure 7. STEM measurement of bainite lath widths.

Figure 8a shows a bright field image of plate bainite containing RA films in Ref+V transformed at
400 ◦C. Figure 8b is the same area superimposed with a vanadium EDX chemical map and Figure 8c
shows a carbon EDX map of the same region. Even although EDX carbon maps are not quantitative,
carbon enrichment in retained austenite films is qualitatively obvious. Some coarse and fine precipitates
are visible in Figure 8a. The chemical map in Figure 8b confirms that the majority of these particles
contain vanadium. Interestingly, there is little evidence from carbon or nitrogen (not shown) maps that
these are classical carbide or nitride precipitates. The largest of these particles are aligned, probably
along austenite grain boundaries formed during hot rolling as their position is clearly uncorrelated
with either the bainitic structure or the retained austenite films. In fact, the V precipitate density in
retained austenite appears to be quite low, compared to the surrounding ferrite.

(a) (b) (c) 

Figure 8. (a) Bright field STEM image of Ref+V transformed at 400 ◦C; (b) same as Figure 8a with a
superimposed energy dispersive X-ray analysis (EDX) vanadium map (red) and (c) EDX carbon map
(qualitative) from the same area.

Most of the particles observed in Ref+V specimens transformed at 400 ◦C and 430 ◦C contained
vanadium with small amounts of carbon and nitrogen being occasionally detected, especially for the
larger precipitates (Figure 9e). However, at 375 ◦C some of the particles contained V+Mo (Figure 9a–d).
An equilibrium calculation (not shown) predicted that Mo enrichment of V(C,N) is only significant at
temperatures below 800 ◦C, suggesting that these particles formed in ferrite.
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Figure 9. Ref+V alloy transformed at 375 ◦C, (a) STEM bright field image, (b) EDX carbon map, (c) EDX
vanadium map, (d) EDX molybdenum map from the same region, (e) STEM bright field image and EDX
maps of a V(C,N) particle and (f) STEM dark field imaging and convergent beam electron diffraction
(CBED) pattern confirming the crystal structure of the particle in e).

Measuring the Local Carbon Contents

The local carbon content, Cγ, in a number of retained austenite and martensite islands was
measured using a standards-based EELS technique [18]. At a carbon concentration level of 0.8 wt. %
the EELS measurement precision was ±4% and the detection limit for solute carbon was 0.03 wt. %.
The ex-situ EELS results for Cγ were averaged and compared in Figure 10a with the in-situ HEXRD
synchrotron data from Figure 4b and Table 5. Note that the error in the HEXRD carbon measurement
(±0.011 wt. %) is too small to show in Figure 10a. The error bars in the EELS data are not measurement
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errors but rather represent the standard deviation in the carbon contents obtained from different
austenite islands. Clearly, there is a wide island-to-island scatter in Cγ, as previously noted for TRIP
steels [18].

From Figure 10a, the global HEXRD measurement and the local EELS values both predict the
same trend of decreasing Cγ with increasing transformation temperature. For Ref+V (yellow and
brown points), the mean EELS data show very close agreement with HEXRD, especially bearing
in mind the scatter in RA island carbon contents. The agreement for Ref (light blue and dark blue
points) was slightly less good, but the overall trend was the same. In Figure 10b the mean carbon
content in martensite Cα′ is compared with Cγ from the EELS data. As expected, martensite islands
contained less carbon than stable retained austenite. However, it is interesting to note that on average
Ref+V martensite contained less carbon than Ref, i.e., Ref+V austenite appeared to be more stable,
especially at lower transformation temperatures, and both alloys show Cα′ (375 ◦C) < Cα′ (400 ◦C).
These observations clearly show that RA stability is not solely determined by carbon content [29].

If all the available carbon diffused into retained austenite, then the lever rule would predict
significantly higher concentrations, Cγ than those found in Table 5. In the absence of any significant
precipitation this implies that bainitic ferrite is supersaturated in carbon. EELS analyses were therefore
carried out to try to measure Cb, the bainitic ferrite carbon content. These measurements were made in
regions of bainitic ferrite where there were no obvious signs of carbide precipitation. It was observed
that Cb was heterogeneous—in areas close to austenite laths usually no carbon was detected (i.e.,
Cb < 0.03 wt. %). The experimental values for Cb given in Table 5 and plotted in Figure 10b were
determined by averaging EELS measurements from bainitic ferrite far from austenite laths. The
experimental Cb results can be compared with values calculated from a simple carbon mass balance
using the phase fraction data in Table 3 and the experimental values for Cγ and Cα′ in Table 5. The
two show very good agreement (Table 5). Evidently, bainitic ferrite remained highly supersaturated
in carbon for both alloys, hence the tetragonality problem encountered with the W–H analysis. Cb
increased as the transformation temperature decreased, in accordance with theory [30]. There appeared
to be a slight influence of vanadium on Cb at 375 ◦C and 400 ◦C but the difference was within the
experimental error. The carbon mass balance calculations in Table 5 suggest that vanadium additions
increased Cb. More experimental work is required to confirm this.
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Figure 10. (a) Comparison of HEXRD and electron energy loss spectroscopy (EELS) carbon contents
in austenite and (b) EELS carbon contents of austenite, martensite and bainitic ferrite. The error in
the HEXRD carbon measurements is ±0.011 wt. % The error bars in the EELS data show the standard
deviation in the range of the measured values.
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Table 5. Final carbon contents in austenite, martensite and bainitic ferrite.

Alloy
Transformation

Temperature
Cg HEXRD

(wt. %)
Cg EELS
(wt. %)

Ca′ EELS
(wt. %)

Cb Calculated
from Mass

Balance (wt. %)

Cb Measured
from EELS

(wt. %)

Ref 375 ◦C 0.94 1.12 0.7 0.12 0.12
Ref 400 ◦C 0.87 1.06 0.78 0.11 0.13
Ref 430 ◦C 0.75 0.61 0.53 0.08 0.06

Ref+V 375 ◦C 0.86 0.9 0.36 0.14 0.11
Ref+V 400 ◦C 0.85 0.83 0.63 0.11 0.1
Ref+V 430 ◦C 0.63 0.73 0.46 0.09 0.06

4. Discussion

The yield stress σe of a single phase fully bainitic structure can be expressed as the sum of
contributions:

σe = σ0 + σss + σd + σp + σL (2)

where σ0 is the Peierls stress for pure iron, σss is the contribution from solid solution hardening, σd
is the strengthening due to forest dislocations, σp is due to precipitation strengthening and σL is the
hardening due to grain or lath size dependence. As the interest here lies in explaining the difference in
strength between Ref and Ref+V shown in Figure 3, the first two terms on the right side of Equation (1)
can be neglected by assuming there is no difference in Cb and that small amounts of vanadium in solid
solution have a negligible influence so that:

Δσe = Δσd + Δσp + ΔσL (3)

Figure 5a,b show that the dislocation term Δσd is very small. This leaves two terms to evaluate; the
contribution from precipitation strengthening, Δσp and a size dependent term, ΔσL. The precipitation
term consists of two distinct components; strengthening from (a) precipitates inherited from prior
processing steps and (b) precipitates formed at the isothermal transformation temperature. The two
cases are considered separately below.

4.1. Strengthening from V Precipitation in Austenite and Ferrite

The presence of 1.8 wt. % silicon strongly inhibits cementite formation in these steels [12]. This
was confirmed by the lack of evidence for Fe3C in the TEM images and the absence of any cementite
reflections in the HEXRD data. In view of the scarcity of these precipitates, there is no evidence
to suggest that vanadium additions have a significant influence on their size, volume fraction or
distribution or that they make a measurable contribution to the mechanical properties of these alloys.
Therefore, cementite precipitation can be omitted from further discussion.

In order to restrict austenite grain growth the choice was made to austenitize at 900 ◦C, which
is below the calculated solution temperature of 1067 ◦C for V(C,N) in Ref+V. Consequently, some
undissolved vanadium-containing particles are present before the bainitic transformation occurs
(Figures 8 and 9). In those images a majority of rather coarse (20–40 nm) vanadium particles can be
seen, along with some finer (5–10 nm) precipitates. It must be emphasized that many areas showed
little or no evidence of V precipitation, so that the average particle density observed in the TEM was
actually quite low. Further, a close examination of the carbon and nitrogen maps suggests that many of
these vanadium-rich regions are not carbides or nitrides and in fact could be due to local segregation.

An anisothermal kinetic precipitation calculation was carried out with the MatCalc 6 code in
order to determine the amount of V(C,N) remaining undissolved before the bainitic transformation.
Figure 11a shows the thermal path of the simulation. Starting at 1220 ◦C, hot rolling is represented
by a uniform cooling rate of 10 ◦C/s in the austenite domain. This is decreased to 2 ◦C/s to represent
air cooling in ferrite from 700 ◦C to room temperature. The material is then reheated to 900 ◦C at a

192



Metals 2020, 10, 392

constant rate of 3 ◦C/s and held for 120 s before quenching. Two types of vanadium precipitates were
simulated; the first class nucleates in austenite on grain boundaries and triple points (assuming a
100 μm austenite grain size), the second nucleates in ferrite on dislocations and defects. The dislocation
density in ferrite is assumed to be low, 1 × 1012 m−2 due to the slow air cooling after finish rolling.
No attempt was made to include strain induced precipitation in austenite as previous experimental
studies indicate that very little vanadium is actually precipitated before this point [3,4]. Figure 11b
shows the evolution of the phase fractions, Figure 11c the number density and Figure 11d the mean
radii of the two types of precipitate.

At the end of re-austenitization, the mean diameter of the GB V(C,N) precipitates was predicted to
be 120 nm with a very low number density of 1 × 1015/m3. The particles nucleated in ferrite were much
smaller with a mean diameter of 9 nm and higher number density of 1.6 × 1019/m3. The total amount
of V and C precipitated was actually very small: 0.0006 wt. % V and 0.0002 wt. % C. Compared to the
TEM images, the calculated GB particle size appeared to be overestimated. However, the size of the
dislocation nucleated precipitates correlated well with the thin foil images. Given their large size and
scarcity, the strengthening effect of the GB particles can be neglected.

The contribution to strengthening made by the smaller precipitates can be estimated using the
modified Ashby–Orowan equation proposed by Gladman [31]:

σp = 0.538Gb
(

f 0.5

X

)
ln
( X

2b

)
(4)

where G is the shear modulus (80,000 MPa), b is the Burgers vector (2.5 × 10−4 μm), f is the volume
fraction of precipitates and X is the mean particle diameter in μm. Substituting the appropriate values
from Figure 11 gives σp = 8.5 MPa. Thus, the strength contribution from undissolved vanadium
precipitates formed before the end of the re-austenitization step is expected to be very small.

 
 

  

Figure 11. (a) Simulation of the thermal path for V(C,N) precipitation in austenite and ferrite.
(b) Calculated phase fractions of V(C,N) nucleated on GB and dislocation sites. (c) Precipitate number
densities. (d) Mean radii.
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4.2. Strengthening from V Precipitation in Bainite

Here the question of whether or not new vanadium precipitates can nucleate and grow during
the fast cooling and isothermal bainitic transformation stage is addressed. It can be assumed that
any further growth of the pre-existing vanadium particles is limited, as this would require low
temperature long-range diffusion of vanadium across the (presumably) depleted zones surrounding
those precipitates. Figure 12a is a calculated precipitation-time-temperature (PTT) diagram for V(C,N)
formation in Ref+V calculated using the MatCalc 6 code [32] assuming a constant dislocation density
of 1 × 1014/m2 in ferrite. The blue dots show the cooling path of the Ref+V alloy. The high defect
density decreased the nucleation time for V(C,N) by several orders of magnitude, but it is still not
possible to nucleate vanadium particles in any ferrite that might form during cooling.

A PTT section from a lower temperature region corresponding to the isothermal bainitic
transformations is shown in Figure 12b. Here the dislocation density was increased to 5 × 1014/m2,
which is a reasonable value for lower bainite [1]. The simulation predicts that no V(C,N) could nucleate
during the transformation times tested here. In fact, the temperature needs to be raised to almost
500 ◦C before any detectable precipitation can occur. The evidence points to the conclusion that no
new vanadium precipitation occurred during the bainitic transformations studied here and that the
precipitates observed in Figures 8 and 9 were all formed prior to bainite. The Δσp strengthening term
is thus a constant for all three transformation temperatures.

  

(a) (b) 

Figure 12. (a) V(C,N) PTT in Ref+V ferrite containing 1 × 1014/m2 dislocations and (b) low temperature
PTT for V(C,N) in Ref+V bainitic ferrite containing 5 × 1014/m2 dislocations.

Even if classical precipitates do not form, the possibility that vanadium could influence the
mechanical properties by segregating or clustering at a finer scale during the bainitic transformation is
not precluded. Sourmail et al. [3] could not find any vanadium segregation at all in a medium carbon
forging steel transformed at 450 ◦C using 3D tomographic atom probe reconstructions. However, many
vanadium-rich areas that did not appear to contain either C or N were observed and these could well
be an indication of clustering or segregation to boundaries and defects. Further investigations, beyond
the scope of this work, are required.

4.3. Size-Dependence Effects

There is no doubt that the bainite matrix of both alloys becomes significantly stronger as the
transformation temperature decreases from 430 to 375 ◦C (Figure 3). Following the current literature, a
combination of packet and/or block size and/or lath refinement should be observed as the transformation
temperature decreases. There are many arguments as to what is the best effective length L to use and
whether yielding has a Hall–Petch or simple reciprocal type dependence on L [23]. The EBSD analysis
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of low angle (θ < 5◦) misorientations representing lath boundaries and the TEM analysis of lath sizes
(Table 4) did not show the expected monotonic temperature-dependence (although it should be stated
that the size variations were subtle and the trends might be being distorted by experimental error). It
can be concluded that, based on the experimental data, the behavior shown in Figure 3 could not be
explained by variations in the ΔσL term.

4.4. Strengthening from Minority Phases

The hardness measurements in Figure 3 involved plastic deformation and hence depended to some
extent on the work hardening behavior of the alloys. The latter is greatly influenced by the minority
retained austenite and martensite phases. In particular, the stability of retained austenite islands will
play an important role. Tables 3–5 show that vanadium additions introduced four microstructural
changes in Ref+V that may have a bearing on this:

1. Retained austenite in Ref+V contained less carbon, although the volume fraction of stable austenite
was the same in both alloys.

2. Both OM and EBSD data show that MA islands in Ref+V were refined at the two lowest
transformation temperatures.

3. Thermal martensite in Ref+V contained less carbon, especially at lower transformation temperatures.
4. At higher transformation temperatures (430 ◦C) more thermal martensite formed in Ref+V.

Points 1–3 indicate that retained austenite in Ref+V transformed at low temperatures must be
being stabilized by a strong size effect, i.e., the RA stability is not governed uniquely by the local
chemistry [29]. This is very striking at 375 ◦C where the mean Ref+V thermal martensite carbon
content was much lower than the Ref alloy (Figure 10b). From this together with point 4 two different
transformation temperature dependent strengthening mechanisms to qualitatively explain the hardness
response in Figure 3 can be proposed:

• At 375 ◦C the retained austenite in Ref+V was significantly stabilized by size refinement. This
should result in a higher work hardening coefficient and hence higher hardness, mitigated by the
fact that any strain induced martensite will contain less carbon.

• At 400 ◦C minority phase strengthening was at a minimum and only weak precipitation
strengthening was apparent.

• At 430 ◦C there was no size effect operating so the austenite stability should actually reverse.
However, this was compensated by more thermal martensite formation in Ref+V at this
transformation temperature.

5. Conclusions

The influence of vanadium additions on isothermally formed bainite in medium carbon
steels containing retained austenite was investigated using in-situ HEXRD and ex-situ electron
microscopy techniques. In the range of transformation temperatures investigated (375–430◦C) the
main conclusions are:

• Vanadium did not change the final fractions of bainite or of retained austenite.
• There was no significant effect on the bainite reaction rate.
• The presence of bainitic ferrite tetragonality hindered the quantitative dislocation density

analysis. Qualitatively, there was no detectable effect of vanadium on the dislocation density in
bainitic ferrite.

• No clear influence of vanadium on bainite lath widths could be observed.
• No significant vanadium precipitation occurred in bainite.
• No direct evidence of bainitic ferrite carbon supersaturation levels showing a vanadium

dependence was found. Indirect calculations (from carbon mass balance) suggest that Cb

was slightly raised.
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• At low transformation temperatures, vanadium additions provided blocky MA and RA refinement.
• Retained austenite carbon content was decreased. This is not believed to be due to competition

with vanadium precipitation.
• At low transformation temperatures (375 ◦C), retained austenite stability was enhanced due to a

strong size effect.
• More thermal martensite forms during cooling, especially after transformation at 430 ◦C.
• Vanadium additions resulted in a modest increase in strength levels.

It is the author’s opinion that the main benefit of adding vanadium to these steels is to be found in
the refinement of martensite and austenite islands at low transformation temperatures. This provides
a strong size effect stabilization of RA that could result in a significant increase in the ductility. Further,
refining of blocky martensite should improve the fracture toughness behavior. If more strengthening is
required then a combination of vanadium with higher nitrogen levels should be studied.
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