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1. Introduction

The combination of hot working technologies with a thermal path, under controlled conditions
(i.e., thermomechanical processing) provides opportunities to achieve required mechanical properties
at lower costs. The replacement of conventional rolling plus post-rolling heat treatments by integrated
controlled forming and cooling strategies implies important reductions in energy consumption,
increases in productivity and more compact facilities in the steel industry. The metallurgical challenges
that this integration implies, though, are relevant and impressive developments that have been achieved
over the last 40 years. The development of new steel grades and processing technologies devoted to
thermomechanically-processed products is increasing and their implementation is being expended to
higher value added products and applications.

The achievement of mechanical properties and process stability during a thermomechanical
controlled process (TMCP) depends on the chemical composition, process parameter
control, and optimization, as well as post-forming cooling strategy and thermal treatments.
Therefore, this Special Issue combines contributions to different fields, topics, steel grades, and
forming technologies applying TMCP processes to steels.

In addition to the metallurgical peculiarities and relationships between chemical composition,
process, and final properties, the impact of advanced characterization techniques and innovative
modeling strategies provides new tools to achieve further deployment of TMCP technologies.

This Special Issue on Thermomechanical Processing of Steels gathers papers written by experts
from the steel industry and academia summarizing their latest developments and achievements in
the field.

2. Contributions

The present Special Issue on Thermomechanical Processing of Steels includes eleven research
papers [1-11]. A wide range of steel grades are covered in these papers. Although most of the
papers deal with low carbon microalloyed grades [1,3,6,9,10], several papers study ferritic stainless
steels [2,5,7] and others focus on grades such as Fe-Al-Cr alloys [4], medium-Mn Nb microalloyed
steels [8], and medium carbon V microalloyed grades [11].

While some papers cover specific performance problems and optimization alternatives for
industrial processing conditions [3,7,8], most of the papers deal with more fundamental analyses of
physical metallurgy mechanisms and microstructural evolution [1-7,9-11].

Chang et al. [1] simulate a welding thermal cycle technique to generate different sizes of prior
austenite grains. Dilatometry tests, in situ laser scanning confocal microscopy, and transmission electron
microscopy are used to investigate the role of prior austenite grain size on bainite transformation in
low carbon steel. In addition to the Hall-Petch strengthening effect, the carbon segregation at the fine

Metals 2020, 10, 641; doi:10.3390/met10050641 1 www.mdpi.com/journal/metals



Metals 2020, 10, 641

austenite grain boundaries is probably another factor that decreases the Bs temperature as a result of
the increase in interfacial energy of nucleation.

Shao et al. [2] study the effects of deformation temperature, deformation reduction,
and deformation rate on microstructural formation, ferritic and martensitic phase transformation,
stress—strain behaviors, and micro-hardness in low-carbon ferritic stainless steels. The increase
in deformation temperature promotes the formation of fine equiaxed dynamic strain-induced
transformation ferrite and suppresses martensitic transformation. The increase in deformation
can effectively promote the transformation of dynamic strain-induced transformation (DSIT) ferrite,
and decrease the martensitic transformation rate, which is caused by the work hardening effect on the
metastable austenite.

Mayo et al. [3] analyze laboratory thermomechanical simulations reproducing intercritical
rolling conditions performed in plain low-carbon and NbV-microalloyed steels. Using the electron
backscattered diffraction (EBSD) technique, the discretization between intercritically deformed ferrite
and new ferrite grains formed after deformation is achieved. The austenite conditioning before
intercritical deformation in the Nb-bearing steel affects the balance of final precipitates by modifying
the size distributions and origin of the Nb (C, N). This fact could modify the substructure in the
intercritically deformed grains.

Wang et al. [4] propose a method of using the second phase to control the grain growth in Fe-Al-Cr
alloys, in order to obtain better mechanical properties. In Fe-Al-Cr alloys, austenitic transformation
occurs by adding austenitizing elements, leading to the formation of the second phase and segregation
at the grain boundaries, which hinders grain growth. The nucleation of o phase in Fe-Al-Cr alloy was
controlled by the ratio of nickel to chromium. When the Ni/Cr (eq) ratio of alloys was more than 0.19,
o phase could nucleate in Fe—Al-Cr alloy. The relationship between austenitizing and nucleation of
FeCr(o) phase is given by thermodynamic calculation.

Han et al. [5] study the influence of temperature and strain rate on the hot tensile properties of
0Cr18AlSi ferritic stainless steel, a potential structural material in the ultra-supercritical generation
industry. This work provides a deep understanding of the hot deformation behavior and its mechanism
of the Al-bearing ferritic stainless steel and thus provides a basal design consideration for its extensive
application. Both yield strength and ultimate tensile strength increase with the increase in strain
rate. At high temperatures and low strain rates, prolonged necking deformation is observed,
which determines the ductility of the steel to some extent.

Garcia-Sesma et al. [6] focused their paper on the study of hot working behavior of Ti-Nb
microalloyed steels with high Ti contents (>0.05%). After analyzing the torsion tests, it was observed
that the 0.1% and 0.15% Ti additions resulted in retarded softening kinetics at all temperatures.
This retardation can be mainly attributed to the solute drag effect exerted by Ti in solid solution.
The precipitation state of the steels after reheating and after deformation was characterized and the
applicability of existing microstructural evolution models was also evaluated.

Mancini et al. [7] analyze the manufacturing of ferritic stainless steel flat bars. In their paper,
the origin of some edge defects occurring during hot rolling of flat bars of this grade is analyzed
and thermomechanical and microstructural calculations are carried out to enhance the quality of
the finished products by reducing the jagged borders defect on the hot rolled bars. Results show
that the defect is caused by processing conditions that trigger an anomalous heating which, in turn,
induces an uncontrolled grain growth on the edges. The work-hardened and elongated grains do not
recrystallize during hot deformation. Consequently, they tend to squeeze out the surrounding softer
and recrystallized matrix towards the edges of the bar where the fractures that characterize the surface
defect occur.

Cerda Vazquez et al. [8] propose a novel medium-Mn steel (6.5 wt.% Mn) microstructure with
0.1 wt.% Nb designed using Thermo-Calc and JMatPro thermodynamic simulation software. The as-cast
microstructure consists mainly of a mixture of martensite, ferrite, and a low amount of austenite,
while the microstructure in the homogenization condition corresponds to martensite and retained
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austenite, which is verified by X-ray diffraction tests. In order to design further production stages
of the steel, the homogenized samples were subjected to hot compression testing to determine their
plastic flow behavior.

Webel et al. [9] combine results from various characterization methods for tracing microalloy
precipitation after simulating different austenite TMCP conditions in a Gleeble thermo-mechanical
simulator. Atom probe tomography (APT), scanning transmission electron microscopy in a
focused ion beam equipped scanning electron microscope (STEM-on-FIB), and electrical resistivity
measurements provide complementary information on the precipitation status and correlate with each
other. Precipitates that formed during cooling or isothermal holding could be distinguished from
strain-induced precipitates by corroborating STEM measurements with APT results, because APT
specifically allowed obtaining detailed information about the chemical composition of precipitates as
well as the elemental distribution.

Felker et al. [10] assess the influence of thermomechanical processing on the evolution of
austenite and the associated final ferritic microstructures. Hot strip mill processing simulations were
performed on a low-carbon, titanium-molybdenum microalloyed steel using hot torsion testing to
investigate the effects of extensive differences in austenite strain accumulation on austenite morphology
and microstructural development after isothermal transformation. Greater austenite shear strain
accumulation resulted in greater refinement of both the prior austenite and polygonal ferrite grain
sizes. Further, polygonal ferrite grain diameter distributions were narrowed, and the presence of hard,
secondary phase constituents was minimized, with greater amounts of austenite strain accumulation.
The results indicate that extensive austenite strain accumulation before decomposition is required to
achieve desirable, ferritic microstructures.

Finally, Pushkareva et al. [11] investigate V additions on isothermally formed bainite in medium
carbon steels containing retained austenite using in-situ high-energy X-ray diffraction (HEXRD)
and ex-situ electron energy loss spectroscopy (EELS) and energy dispersive X-ray analysis (EDX)
techniques in the transmission electron microscope (TEM). No significant impact of V in solid solution
on the bainite transformation rate, final phase fractions or on the width of bainite laths was seen for
transformations in the range 375-430 °C. A beneficial refinement of blocky martensite-austenite (MA)
and a corresponding size effect induced enhancement in austenite stability were found at the lowest
transformation temperature. Overall, V additions result in a slight increase in strength levels.

3. Conclusions and Outlook

The development of thermomechanical processing has been impressive in the last years. Nowadays,
the application of thermomechanical processes, reducing the cost and time needed for final heat
treatments is extended to a wide variety of steel grades and products, as shown in the papers gathered
in the current Special Issue. These developments, though, require a high level of intensive research and
transferability to the industry and understanding of basic mechanisms, which with a proper processing
control, will ensure the reliability of these processing routes under the most challenging operational
conditions. The interest and high level of contributions published in this Special Issue ensure that the
link between research and industry will not break anytime soon.

As Guest Editors, we would like to express our sincere thanks to all the authors for submitting
their manuscripts and sharing their latest developments. We also would like to encourage them and the
rest of the community to continue researching and publishing in steel-related topics, as their relevance
to industry and society is vital for progress in the future.

Conflicts of Interest: The author declares no conflicts of interest.
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Abstract: The simulation welding thermal cycle technique was employed to generate different
sizes of prior austenite grains. Dilatometry tests, in situ laser scanning confocal microscopy, and
transmission electron microscopy were used to investigate the role of prior austenite grain size on
bainite transformation in low carbon steel. The bainite start transformation (Bs) temperature was
reduced by fine austenite grains (lowered by about 30 °C under the experimental conditions). Through
careful microstructural observation, it can be found that, besides the Hall-Petch strengthening effect,
the carbon segregation at the fine austenite grain boundaries is probably another factor that decreases
the Bs temperature as a result of the increase in interfacial energy of nucleation. At the early stage of
the transformation, the bainite laths nucleate near to the grain boundaries and grow in a “side-by-side”
mode in fine austenite grains, whereas in coarse austenite grains, the sympathetic nucleation at the
broad side of the pre-existing laths causes the distribution of bainitic ferrite packets to be interlocked.

Keywords: low carbon steel; prior austenite grain boundary; carbon segregation; Bs temperature

1. Introduction

Prior austenite grain size is a vitally important parameter to influence phase transformation
behavior in steels, because to a great extent, it determines the number of nucleation sites and the
space of the growth of products. For martensite transformation, it is well recognized that fine
prior austenite grain size decreases the martensite start transformation (Ms) temperature, as the
Hall-Petch strengthening effect for fine austenite grains improves resistance to the plastic deformation
of martensite transformation [1]. Meanwhile, it further refines the martensitic block width and packet
size, or likely forms a phenomenon of variant selection in the crystallography, which plays a critical
role in tailoring the final mechanical properties [2-5].

The effect of prior austenite grain size on bainite transformation is also of significance, although
the related results seem to be in dispute [6-11]. Some studies considered that fine austenite grains
accelerate the kinetics of bainite transformation, as the increase in the number of grain boundaries
provides more preferable sites for nucleation of ferritic laths. By contrast, others found that the bainite
formation is insensitive to the prior grain size or even that the growth of bainite is retarded by fine
prior grains. The bainite start transformation (Bs) temperature is found to be lowered with decreasing
austenite grain size under the continuous cooling condition, a very similar trend to that found with
the Ms temperature. It is taken for granted that they have a similar mechanism for the decrease in
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transformation temperature [10,11]. However, it should be noted that the martensite transformation
is an athermal transformation, whereas the bainite transformation is, sometimes, regarded as a kind
of thermally activated nucleation and growth reaction—it does not seem very convincing that the
Hall-Petch strengthening effect in fine austenite grains is considered as a sole factor to decrease the Bs
temperature. Recently, some studies reported that the variant distribution of bainite is limited in fine
austenite grains compared with large austenite grains [12-14]. This phenomenon may be related to the
difference in the temperature range of bainite transformation with varying prior grain size [13]. It is
thus worth further exploring what else, besides the Hall-Petch strengthening effect, is likely to play a
role in retarding the bainite transformation for fine austenite grains.

In this work, welding thermal simulation was employed to generate different sizes of prior
austenite grains and to prove the effect of prior grain size on phase transformation, because the
inhomogeneous austenite grain size is representative of the heat-affected zone (HAZ). In situ
observation using high-temperature laser scanning confocal microscopy (LSCM) and partial bainite
transformation tests were carried out to further reveal the microstructural characters at the early stage
of the transformation with different prior austenite grain sizes.

2. Experimental Method

The chemical composition of low carbon steel in this study was 0.053 C, 0.22 Si, 1.35 Mn, 0.082
(Nb + V + Ti), 0.0012 B, 0.23 Cr, 0.37 Mo balanced by Fe.

Specimens with dimensions of ¢ 6 x 50 mm were cut from the hot rolled steel plate along the
transversal direction. The HAZ simulations were carried out using a thermo-mechanical simulator
and a two dimensional Rykalin mathematical model was adopted to control the testing temperature.
A Pt-10% Rh thermocouple was welded at the middle of the cylinders to monitor the temperature
change during heat treatment. A linear variable displacement transducer type dilatometer was used to
measure the relative change in diameter of these samples.

Specimens were heated to a peak temperature at a rate of 130 °C/s and held for 2 s. The peak
temperature was set at 1350 and 1100 °C to obtain widely varying austenite grain sizes, which simulates
the thermal cycles at coarse grained HAZ (CGHAZ) and fine grained HAZ (FGHAZ), respectively.
The samples were then subjected to various cooling rates that were defined as the cooling time from
800 to 500 °C (the tg,5 time varies from 5 to 600 s) until the phase transformation has completed.
Figure 1 shows the measured thermal cycle curves. Dilatation curves were obtained to determine
the phase change temperatures. Continuous cooling transformation (CCT) diagrams for the CGHAZ
and FGHAZ were constructed together to exhibit the effect of prior austenite grain size on phase
transformation, although the CCT diagram of the CGHAZ has been reported elsewhere [13].

1400

1200 H 1 1350 «

\ cooling time t__:
1000 W '

—— 85s

Temperature (C)

A '
; Water qugnching p
0 100 200 300 400 500
Time (s)

Figure 1. Typical thermal cycle curves with different peak temperatures and cooling times (water
quenching process signified schematically with red arrows).
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The partially transformed bainite microstructure was expected to be retained using an interrupted
cooling method by water quenching. Based on the CCT diagrams, the partial bainite transformation
samples were quenched in water immediately after the welding thermal cycle temperature was lowered
to 470, 500, or 550 °C, as signified with red arrows in Figure 1.

For in situ observation of phase transformation, two samples were cut directly from the welding
thermal simulation samples, machined into disks (6 mm diameter and 3 mm thickness), and then
mechanically polished. These prepared samples were austenitized at 1300 °C and 1100 °C to simulate
the CGHAZ and FGHAZ thermal cycles, respectively. The linear cooling rate of 2.5 °C/s was employed,
which is approximately equal to the average cooling rate of the tg,5 = 120 s cooling time. The real-time
information of phase transformation was recorded using high-temperature LSCM.

Metallographic specimens were cut from the heat treatment region of interest and then
polished by conventional techniques. Microstructural characteristics were examined using an optical
microscope(Leica DMIRM, Leica company, Weitz, Germany), a field-emission scanning electron
microscope equipped with electron probe microanalysis (SEM, ULTRA 55, ZEISS, Jena, Germany),
and a transmission electron microscope (TEM, FEI Tecnai G2F20, FEI company, Hillsboro, OR, USA).
Vickers hardness measurements were conducted using an FM 700 hardness-testing machine (Hardness
tester, FM-700, FUTURE-TECH company, Kawasaki-City, Japan) employing a 0.5 N load with 15 s
dwell time. The average hardness values for each heat treatment condition were calculated based on
at least 10 repeat tests.

3. Results and Discussion

On the basis of the dilatation curves (some typical examples were given in the literature [11,13]),
the transformation start/finish temperatures could be confirmed with a normal extrapolation
method [15]. The CCT diagrams for CGHAZ and FGHAZ are constructed together in Figure 2a.
The transformation start temperature gradually lowers and the transformation finish temperature first
increases, but then decreases with the decrease in cooling time. The bainite microstructure could be
formed within a wide range of cooling rates, as marked in the diagram, which are attributed to the
fact that the combined addition of multi-microalloys, such as Mo, Nb, Ti, and V, into steel extends the
range of bainite transformation [16]. As expected, FGHAZ always has a lower Bs temperature than
CGHAZ for any given cooling rate (highlighted with gray background), although the discrepancy in
bainite transformation finish temperature seems to be very insignificant. The largest difference in the
Bs temperature between CGHAZ and FGHAZ is about 30 °C at the middle cooling rate.

340
(@) 80— o T.forcorAz]
\ \ = T, for CGHAZ 320} @
\ —a—T_for FGHAZ X \ .
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Figure 2. (a) Continuous cooling transformation (CCT) diagrams with different peak temperatures and
(b) the change of Vickers hardness as a function of cooling time (CGHAZ: coarse grained heat-affected
zone, FGHAZ: fine grained HAZ, LM: lath martensite, BF: bainitic ferrite, GB: granular ferrite).

Figure 2b shows the change of hardness with cooling time. As the cooling time increases, the
hardness decreases rapidly and then gradually levels off. Meanwhile, at a given cooling rate, FGHAZ
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always seems to have a slightly higher hardness than CGHAZ. This further proves the difference in
transformation behaviors (Figure 2a) because the lower temperature transformation microstructure
normally results in a higher hardness.

Figure 3 represents three groups of typical microstructures for CGHAZ and FGHAZ after they
were subjected to the tg/5 times of 5, 85, and 600 s, respectively. The average grain size of FGHAZ
measured with the line intercept method ranges from about 16.8 um to 29.5 um, while CGHAZ
has an average grain size higher than 300 um. At the shortest cooling time, the microstructure
is predominantly lath martensite, accompanied by very little bainitic ferrite, regardless of peak
temperature (Figure 3a,d). Comparing Figure 3a and d, the packet size of martensite in the morphology
seems to be refined by the fine prior grain size (Figure 3e). Because of the hierarchical structure of
martensite [2-5], the block size and lath width may be also decreased in FGHAZ.
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Figure 3. Optical microstructure with different peak temperatures: (a-c) 1350 °C and (d-f) 1100 °C, and
different cooling times: tg/5 (a,d) 55, (b,e) 85 s, and (c,f) 600 s. (LM: lath martensite, BF: bainitic ferrite,
GB: granular ferrite, and some martensite—austenite (MA) constituents were signified with arrows).

At the cooling time (85 s), CGHAZ and FGHAZ microstructures are mainly characterized by
bainitic ferrite (Figure 3b,e). However, the martensite—austenite (MA) constituents that are formed
below the Ms temperature as a result of incomplete bainite transformation [17] have different sizes
and distribution sites, although most of them have a similar short and slender shape. For example,
the MA constituents in CGHAZ are present inside the grains and their distribution approximately
describes some sites of parallel lath boundaries [17]; while in FGHAZ, most of them appear along
the prior austenite grain boundaries (signified with arrows in Figure 3e), which seems to make the
grain boundaries coarser. The distribution of MA constituents implies that the redistribution of carbon
atoms is different during the transformation for CGHAZ and FGHAZ, because notable enrichment of
carbon was observed within the MA constituents using atom probe tomography (APT) [18].

As the cooling time increases to 600 s, the predominant microstructure for CGHAZ and FGHAZ
becomes granular bainite (Figure 3c,f). The MA constituents have a massive shape, mainly because
the uphill diffusion of carbon atoms becomes much easier at the lower cooling rate condition [19].
However, for CGHAZ, most massive MA constituents distribute uniformly in the matrix, except that a
few of the MA constituents appear along the prior austenite grain boundaries, whereas in FGHAZ,
they seem to have a larger average size and are mainly attached to the grain boundaries, as signified
by arrows in Figure 3¢ f. Because CGHAZ and FGHAZ have similar microstructures, the difference of
MA constituents should be mainly attributed to the number of grain boundaries (i.e., prior austenite
grain size), as the grain boundary has a higher diffusivity for interstitial atoms (including C, B, and H)
than the grain interior and also act as a sink for these atoms [20-22].

Using the high temperature LSCM observation, the real-time features of bainite at the early stage
of the transformation were recorded, as shown in Figures 4 and 5. The phase transformation does not
occur when the temperature decreases to 634 °C (Figure 4a). The first ferritic lath can be found at 632
°C and its nucleation site is exactly on the grain boundary, as signified with an arrow in Figure 4b.
However, this temperature is higher than that detected using a dilatometer (Figure 2a). This difference
is probably acceptable as the dilatometer sensitivity is about 10 percent volume fraction transformed
and the free surface effect of the LSCM sample can enhance the transformation temperature [23]. With
a further slightly decreasing temperature (629 °C), several ferritic laths form, simultaneously attached
to the grain boundaries (Figure 4c). Meanwhile, it is very interesting to find that a newly formed
ferritic lath sympathetically nucleates on the pre-existing ferritic lath and grows toward the other
direction, as marked with a cycled white arrow. This mechanism is a necessity that gives rise to the
interlocked distribution of bainitic ferrite packets and partitions the coarse austenite grains into several
finer and separate regions [24]. Nevertheless, other grains still do not occur in phase transformation,
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which means the bainite formation is inhomogeneous at the grain scale. This agrees well with the
results by Sainis et al. [25], who found that the rate of nucleation varies markedly between different
austenite grains.

Figure 4. In situ observation of phase transformation with the CGHAZ thermal cycle: (a) 634 °C,
(b) 632 °C, and (c) 629 °C. (The white arrows show that the ferritic laths form at the moment of
real-time photographing for each image, the red arrows show the pre-existing ferritic laths.).

For the FGHAZ thermal cycle, the austenite grains are smaller and their size is more uniform
(Figure 5a) compared with that of CGHAZ. When the temperature decreases to 610 °C, no obvious
phase transformation takes place (Figure 5b). The ferritic laths can first be found at 605 °C, and their
nucleation sites are also derived from the austenite grain boundaries (arrowed in Figure 5¢), although
the image quality was not as good as before. The growth rate of these ferritic laths seems to be very
fast, leading to their length across almost the prior austenite grain in no time. Subsequently, the newly
formed bainitic laths appear in a “side-by-side” mode relative to the pre-existing laths, rather than
an interlocked mode as in CGHAZ with the decrease in temperature (Figure 5d), indicating that this
mode may make only a packet structure in the morphology formed inside each fine prior austenite
grain [14]. According to these real-time micrographs, it is confirmed that the fine austenite grain size
decreases the Bs temperature by about 30 °C, which is in good agreement with the dilatation tests.

10
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Figure 5. In situ observation of phase transformation with the FGHAZ thermal cycle: (a) 927 °C,
(b) 610 °C, (c) 605 °C, and (d) 602 °C. (The white arrows show that the ferritic laths form at the moment
of real-time photographing for each image, the black arrows show the pre-existing ferritic laths.)

Figure 6 shows the partially transformed bainite microstructure after the samples were subjected
to partial welding thermal cycle cooling, followed by water quenching. At the very beginning of
phase transformation, the lath morphology of ferrite forms and the nucleation of these ferritic laths are
attached to the grain boundary (Figure 6a). With the progress of bainite transformation (Figure 6b),
the packet structure of bainite can clearly be found as the carbides or MA constituents decorate the
parallel lath boundaries. Several primary ferritic laths nucleate at different sites of the grain boundary
inside one large prior austenite grain (marked with black arrows in Figure 6b), and many secondary
laths sympathetically nucleate on the pre-existing ferritic laths (signified with white arrows), which
agrees well with the LSCM results (Figure 4c). Through close observation of the nucleation sites of the
primary laths, no MA constituents can be found, implying that in this case, the carbon atoms do not
enrich at the nucleation sites of the prior austenite grain boundaries. On the contrary, most of carbon
atoms should be expelled into the lath boundaries during transformation.

Only a small amount of bainite microstructures can be found for the FGHAZ sample (Figure 6¢)
when the quenching temperature decreases to 500 °C. The prior austenite grain boundaries seem
to be particularly evident (arrowed in Figure 6¢) compared with these in Figure 6a using the same
etchant solution. The lath boundaries of bainite in the vicinity of prior austenite grain boundaries
are ambiguous as almost no any carbide was formed to decorate these lath boundaries in these
micro-regions (Figure 6d). An electron probe microanalysis on carbon distribution along the AB line
(Figure 6d) across a prior austenite grain boundary semi-quantitatively shows that the prior austenite
grain boundary with MA constituent contains much higher carbon concentration compared with the
grain interior (Figure 6e).

11
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Figure 6. Partially transformed bainite microstructure obtained by water quenching: (a,b) peak
temperature of 1350 °C with 85 °C/s cooling rate and quenching temperatures of 550 °C and 500 °C,
respectively; (c,d) peak temperature of 1100 °C with 120 °C/s cooling rate and quenching temperatures
of 500 °C and 470 °C, respectively; (e) the carbon distribution along the AB line across one grain
boundary shown in (d).

Several TEM images were joined together in Figure 7 to show the morphology of bainite formed
inside a fine prior austenite grain. Each of ferritic laths seem to be composed of several sub-units (one
of which was delineated) and very few of MA constituents can be formed along the lath boundaries.
These features are different from the morphology of bainite formed in coarse prior austenite grains
(the lath boundaries are always decorated by the slender MA constituents shown in Figure 5d of the
literature [13]). Based on the bainite transformation theory, these sub-units formed with a limited
size may be attributed to the fact that the increase in strength of austenite due to a relatively lower
transformation temperature or the limited space of ferritic growth impedes the plastic accommodation
of remaining austenite for transformation strain [26].

12
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Figure 7. Transmission electron microscope (TEM) images showing the fine structure and grain
boundary character of partially transformed microstructure using the same sample of Figure 6d (BF:
bainitic ferrite, M: martensite, grain boundary MA constituents are signified with white arrows and
fine MA constituents are marked with black arrows).

Most interestingly, the prior grain boundaries are decorated by many long strip MA constituents
with an average width of about 0.4 um, as signified with white arrows (Figure 7). The magnified image
in Figure 8 shows they have a character of high density dislocation martensite, which implies that the
austenite along the grain boundaries is stabilized by carbon enrichment at these micro-zones, and most
of them transform into martensite during final quenching. From the morphology of ferritic lath point
of view, these carbon atoms enriched at the grain boundaries are considered to occur in super-cooled
austenite at very early stages of the transformation or even prior to the transformation. Assuming
that these segregated carbon atoms are expelled from the product phase during the transformation,
they should be enriched in front of the phase interface and a quasi-eutectoid structure is likely to be
formed [27], as presented in CGHAZ.

Figure 8. The magnified image showing the fine structure of the grain boundary MA constituent
corresponding to the zone squared in Figure 7 (BF: bainite ferrite, MA: grain boundary MA constituent,
M: martensite that transformed from remaining austenite of neighboring grain).

13
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4. Overall Discussion

The size and distribution of MA constituents are different between CGAHZ and FGHAZ,
regardless of similar microstructures under any cooling time condition (e.g., Figures 3 and 6).
This means that the prior austenite grain size to some extent influences the redistribution of carbon
atoms before and after the transformation, as schematically shown in Figure 9. The distribution of
carbon atoms should be very uniform in CGHAZ grains at elevated temperatures (Figure 9a), as the
solid solubility of carbon in austenite increases with the temperature. Additionally, the number of
vacancies generated inside the grains increases with the temperature, and they bind with carbon
atoms to form stable carbon-vacancy pairs [20,28]. As a result, the carbon atoms uniformly distribute
in super-cooled austenite for CGHAZ. During the transformation, the excess carbon atoms for BCC
crystals are expelled in front of the phase interface into the lath boundaries (Figure 9b).
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Figure 9. Carbon redistribution in super-cooled austenite before and after the onset of bainite
transformation for CGHAZ (a,b) and FGHAZ (c,d).

The carbon atoms segregated along the prior austenite grain boundaries for FGHAZ (Figure 9c)
may be derived from the following two reasons. First, the grain boundary acts as a sink for vacancies.
The higher the density of grain boundaries, the easier the grain boundary segregation of carbon atoms
occurs because of the equilibrium and non-equilibrium segregation mechanism [29]. Second, the
trend of carbon diffusion into the grain boundaries may be enhanced as a result of the lowering solid
solubility of carbon in super-cooled austenite. However, the distance of carbon diffusion in FGHAZ
is much shorter than in CGHAZ, and the carbon diffusivity along the grain boundary is higher than
inside the grains [22], which gives rise to the presence of carbon enrichment at the grain boundaries
for the FGHAZ (Figure 9¢), and the grain boundaries were finally decorated with the MA constituents
(Figure 9d). Timokhina et al. [30] found that two types of the remaining austenite with different lattice
parameters are present as a result of different carbon content at the beginning of the transformation
using an in situ neutron diffraction technique. This means that the carbon redistribution does occur at
the very early stage of the transformation, which seems to be in support of our result that the carbon
atoms may be segregated at the prior grain boundaries prior to the transformation, although the
present steel used has a much lower carbon content.

Zhang et al. [20] considered that the prior austenite grain boundaries, which are high-energy
regions with disordered atomic arrangements, could accommodate a number of carbon atoms and
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thus decrease the overall energy. In this sense, the difference in the carbon concentration of the grain
boundary will change the overall boundary energy, which further influences the drive force of grain
boundary nucleation. Therefore, carbon segregation at the grain boundaries in FGHAZ mentioned
above is probably responsible for the difference in Bs temperature. More details are discussed below.

According to the classical nucleation theory, the free energy AG for nucleation at prior austenite
grain boundaries is given by [31,32]

AG = AGhem + [AGstr + AGint] M

where AG e, is the molar chemical Gibbs energy difference between the parent and product phase,
AGsy is the summation of molar strain energy resulting from the volume misfit between ferrite and
austenite (i.e., transformation strain), and AG;y is the molar interfacial energy for the new phase
formed. The latter two items are the resistance to phase transformation. If the transformation strain can
be accommodated by the plastic deformation of austenite, the required strain energy for the creation of
anew nucleus is much lower. The grain boundary nucleation thus occurs under the low transformation
driving force condition, as presented in CGHAZ. However, the plastic accommodation in fine austenite
grains is largely constrained by the Hall-Petch strengthening effect. As a result, it is always considered
to be the main factor to decrease the Bs and Ms temperatures [1,3,10,23], because a larger super-cooled
temperature is required to proceed to the phase transformation.

Very little strain energy seems to be required at the early stage of the bainite transformation
as the transformation strain is insignificant at this point [30]. Here, the change of interfacial energy
probably plays a vital role in decreasing Bs temperature as a result of carbon segregation at the grain
boundary. The heterogeneous nucleation attached to the grain boundary is mainly attributed to the
fact that the prior grain boundary energy decreases the interfacial energy of new-phase nucleation.
Song et al. [32] showed that the maximum reduction of interfacial energy can be achieved when the
embryo forms at the high-energy austenite grain boundary. However, the austenite grain boundary
energy will be reduced if the excess carbon atoms are segregated on them, leading to the fact that the
energy assisting the new-phase nucleation is lowered. Madariaga et al. [33] also considered that grain
boundary segregation has an influence on new-phase nucleation through the associated change of the
interfacial energy and, presumably, of the structure of the boundary itself. On the basis of the partially
transformed microstructure (Figure 8), the width of carbon enriched micro-zones at grain boundaries
is around 0.4 um in FGHAZ. This means that the actual nucleation sites of ferritic laths are some
distance (maybe about 0.2 um) away from the grain boundaries. The nucleation of ferritic laths might
not even take advantage of the prior austenite grain boundary energy. Therefore, it can be concluded
that compared with CGHAZ, a larger driving force of transformation is needed to offset the increase in
interfacial energy of nucleation for FGHAZ, which is embodied in the lower in Bs temperature.

5. Conclusions

The effect of austenite grain size on the bainite transformation, especially on the Bs temperature,
was investigated under the simulation welding thermal cycle condition. Through detailed
microstructural characterization and in situ observation of the early stage of phase transformation, the
main findings can be given below.

(1) The predominantly bainite microstructure can be obtained over a very wide range of cooling
rates for this studied steel. The hardness decreases rapidly and then gradually levels off with
the decrease in cooling rate and FGHAZ always results in a slightly higher hardness than the
CGHAZ at any given cooling rate.

(2) For a given cooling condition, FGHAZ always has a lower Bs temperature than CGHAZ, which
is proven by in situ LSCM observation and partial bainite transformation tests. The prior
austenite grain boundaries were always decorated by many long strip MA constituents in FGHAZ,
indicating that the carbon segregation occurred at the early stage of bainite transformation.
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©)

Besides the Hall-Petch strengthening effect in FGHAZ, the increasing interfacial energy for the
grain boundary nucleation due to carbon enrichment is probably another factor that lowers the
Bs temperature.

A large bainitic ferrite packet can be transformed only in fine austenite grains because the ferritic
laths grow in a “side-by-side” mode, although each of the laths may consist of several sub-units.
In contrast, the interlocked distribution of bainitic ferrite packets can frequently be found in
coarse austenite grains, which is attributed to the mechanism of sympathetic nucleation.
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Abstract: In this paper, the effects of the deformation temperature, the deformation reduction and
the deformation rate on the microstructural formation, ferritic and martensitic phase transformation,
stress—strain behaviors and micro-hardness in low-carbon ferritic stainless steel were investigated.
The increase in deformation temperature promotes the formation of the fine equiaxed dynamic
strain-induced transformation ferrite and suppresses the martensitic transformation. The higher
deformation temperature results in a lower starting temperature for martensitic transformation. The
increase in deformation can effectively promote the transformation of DSIT ferrite, and decrease the
martensitic transformation rate, which is caused by the work hardening effect on the metastable
austenite. The increase in the deformation rate leads to an increase in the ferrite fraction, because a high
density of dislocation remains that can provide sufficient nucleation sites for ferrite transformation.
The slow deformation rate results in dynamic recovery according to the stress—strain curve.

Keywords: ferritic stainless steel; plastic deformation; dynamic strain-induced transformation

1. Introduction

Ferritic stainless steels have been widely used in railway transportation equipment, mining
machinery, the auto industry and nuclear fission power plant components, because of their
remarkable corrosion resistance, outstanding strength and toughness, good weld ability and high cost
performance [1-5]. In particular, low-carbon 11-13% Cr ferritic stainless steels have lower material
cost than austenitic stainless steels and high Cr ferritic stainless steels, due to their lower contents of Cr
and Ni [6,7]. To maintain the ferritic phase at room temperature, the austenite-stabilization elements C,
N, and Ni are strictly controlled at a low level [8,9].

Severe plastic deformation is a practical route for the improvement of mechanical properties in
the ferritic stainless steels, since in their case it is difficult to realize the effect of phase transformation
strengthening [10]. It has been recognized that ultrafine grain structure can be obtained during
severe plastic deformation in ferritic stainless steels [11]. The increase in deformation temperature
accelerates the kinetics of ultrafine grain evolution significantly. During hot deformation, dynamic
recrystallization and dynamic recovery occur, while dynamically recovered and sub-microstructures
can be obtained during warm deformation [12]. The dynamic recrystallization may occur in the
coarse-grained structure during severe plastic deformation at ambient temperature [13]. However,
due to their restricted ferrite-forming elements, low-carbon ferritic stainless steels may enter the
austenite phase regions at high temperature. Thus, the effect of austenitic transformation and the
subsequent decomposing of austenite on severe plastic deformation in low-carbon ferritic stainless
steels should be considered, though it has been rarely reported until now.
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This project focuses on the high temperature plastic deformation in the austenite phase region
in a low-carbon ferritic stainless steel. The effects of the deformation temperature, the deformation
reduction and the deformation rate on the microstructural formation, ferritic and martensitic phase
transformation, stress—strain behaviors and micro-hardness in the low-carbon ferritic stainless steel
were studied.

2. Experimental Details

The chemical composition of the employed low-carbon ferritic stainless steel is given in Table 1.
The chemical compositions of the sample were obtained by inductively coupled plasma optical
emission spectrometry (ICP-OES). The original state of the samples was the as-rolled plate, whose
rolling parameters were that the rolling passes occurred six times, the total rolling reduction was
80%, and the finishing rolling temperature was about 600 °C. Due to this low finishing temperature
during rolling, the dynamic recrystallization process would be incomplete, and thus the as-rolled
microstructure remained at room temperature. The microstructure of the as-rolled sample is presented
in Figure 1, which shows the typical rolled morphology. The grains are elongated along the rolling
direction. Besides, the severe deformation would result in a high density of dislocation, although it
cannot be observed in the optical micrograph, due to the low resolution.

Table 1. Chemical compositions of the employed low-carbon ferritic stainless steel (wt. %).

C Cr Si Ni Mn Nb Ti Fe
0.01 11.54 0.2 0.57 1.12 0.09 0.12 Bal.

Figure 1. The original microstructure of the employed low-carbon ferritic stainless steel.

The deformation experiments were conducted on the Gleeble-3500 thermal simulated test machine
(DSI, New York, NY, USA). In this paper, the effect of the deformation temperature, the deformation
reduction (referring to the relative deformation in this project, the same as below) and the deformation
rate were investigated. The process procedures are illustrated in Figure 2 and Table 2. For the
deformation temperature experiments, the samples were heated to 1000 °C and held for 10 min, with a
heating rate of 100 °C/min, followed by cooling to the deformation temperatures (600, 700, 800 and
900 °C), and then deformed with the deformation reduction of 0.9 and the deformation rate of 0.1 s
before being finally cooled to room temperature with a cooling rate of 100 °C/min. For the deformation
reduction experiments, the samples were also austenitized at 1000 °C for 10 min, followed by cooling
to 900 °C and deformation with the different reductions (0.2, 0.5 and 0.9), and then cooled to room
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temperature. For the deformation rate experiments, the samples were also deformed at 900 °C after
austenitization, with the different deformation rates (0.01, 0.1 and 1s71).

(a) . (b) o
1000 °C, 10 min 1000 °C, 10 min
900 °C
o 100ecmin 600, 700, 800, 900 °C o | 100ecimin
E P
2 2 £=02, 0.5, 0.9
5 100 °C/min 2 £=015" 100 °C/min

Time/s Time/s
(0) 1000 °C, 10 min
o 900 °C
< 100 °C/min,
El
g
g =09
E, £=0.01, 0.1, Is?! 100 °C/min

Time/s

Figure 2. Schematic illustration of the different process parameters: (a) the different deformation
temperatures, (b) the different deformation reductions, (c) the different deformation rates.

Table 2. The process parameters of the samples for the different conditions.

Experimental Deformation Deformation Deformation
Conditions Temperature/°C Reduction Rate/s™!
For the different
deformation 600, 700, 800, 900 0.9 0.1
temperatures
For the different 900 02,05,09 0.1
deformation reductions
For the different 900 0.9 0.01,01,1

deformation rates

After the deformation experiments, the samples were mounted, polished, and etched in a solution
of hydrochloric acid (15 mL), ethanol (150 mL), and ferric chloride (5 g). The microstructures were
observed by the C-35A OLYMPUS Optical Microscope (Tokyo, Japan). The stress-strain curves and the
phase transformation points were captured by the accessory dilatometer of the Gleeble-3500 thermal
simulated equipment (DSI, New York, NY, USA). The Vickers micro-hardness tests were carried out
by the Duramin-A300 Vickers hardness tester (Struers, Ohio, OH, USA), with a load of 200 g and a
pressure time of 10 s.
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3. Results and Discussion

3.1. Effect of the Deformation Temperature

As mentioned above, the original sample is in an as-rolled state, so the isothermal treatment at high
temperature (annealing or normalizing) is necessary before deformation to remove the deformation
texture and the residual stress caused by rolling. Figure 3 shows the equilibrium phase diagram of
the employed low-carbon ferritic stainless steel calculated by JMatPro 7.0 software (Sente Software,
Guildford, UK). It is found that, in the temperature range from 854 to 1068 °C, the steel is in the
single-phase austenite region. Figure 4 gives the proof for the occurrence of austenitic transformation
during heating with a rate of 100 °C/min. It can be seen that the inflection points resulted from
austenitic transformation on the thermal expansion curve captured by Gleeble-3500. The A, and A
points can be determined as 837 and 991 °C. The transformation temperatures were determined from
the dilatometer curves using the tangent line method [14].

WFERRITE
& AUSTENITE

Wt % Phase

600 oo 800 g00 1000 1100 1200 1300 1400
Temperature{C)

Figure 3. The equilibrium phase diagram of the employed low-carbon ferritic stainless steel calculated
by JMatPro software.
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Figure 4. Thermal expansion curve of the low-carbon ferritic stainless steel sample during heating with
a rate of 100 °C/min.
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Figure 5 gives a continuous cooling transformation (CCT) diagram for the explored low-carbon
ferritic stainless steel in this work, calculated by JMatPro software. It is found from Figure 5 that
martensitic transformation occurs under the cooling rate between 3 °C/min (0.05 °C/s) and 6000 °C/min
(100 °C/s). When the cooling rate is higher than 18 °C/min (0.3 °C/s), the ferritic transformation would
not happen, and the austenite would be decomposed to martensite completely. According to the
experimental CCT diagram for 3Cr12 steel [15], a typical low-carbon 12% Cr ferritic stainless steel,
martensitic transformation still occurs when the cooling rate is as low as 0.084 °C/min. Figure 6
presents the microstructure of the low-carbon ferritic stainless steel sample after austenitization, whose
treatment parameter is heating to 1000 °C with a heating rate of 100 °C/min, holding for 10 min,
and cooling to room temperature with a cooling rate of 100 °C/min. Due to the moderate cooling rate
after austenitization (air cooling), the bainitic and pearlite transformation would be avoided, and only
martensite would form during cooling. As a result, it can be confirmed that the microstructure of the
sample is composed of martensite (denoted as “M” in Figure 6), and d-ferrite distributed along the
prior austenitic boundaries (denoted as “F” in Figure 6).
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= M Fearlitert %)
e B rustenitad %)
% 400 # Martensite start
= @ artensite 50%
& Martensite 30%
200
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0
0.001 0.01 0.1 1 10 100 1000
Cooling rate (C/5)

Figure 5. Continuous cooling transformation (CCT) diagram of the explored low-carbon ferritic
stainless steel in this work calculated by JMatPro software.

Figure 6. Microstructure of the low-carbon ferritic stainless steel sample after austenitization: (a) optical
micrograph, (b) SEM micrograph.

A schematic illustration of the different deformation temperatures is given in Figure 2a. The
deformation temperatures are 600, 700, 800 and 900 °C, respectively. Figure 7 presents the optical
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micrographs of the low-carbon ferritic stainless steel samples deformed at the different temperatures.
It is found that the microstructures of all samples are composed of ferrite and lath martensite. The
sample with the deformation temperature of 600 °C shows the typical rolled microstructure, with the
elongated grain morphology. This suggests that the deformation temperature of 600 °C is too low
to cause dynamic recrystallization. On the other hand, the deformation texture with the elongated
grain is not found in the microstructures of the samples deformed at 700, 800 and 900 °C, which are
composed of the martensitic laths, and the fine equiaxed ferrite grain (with the diameter of about 5 um)
distributed among the martensitic laths. With the increase in deformation temperature, the amount
of the fine equiaxed ferrite is increased, which results in the microstructures appearing finer in the
samples deformed at the higher temperature.

Figure 7. Optical micrographs of the low-carbon ferritic stainless steel samples deformed at the different
temperatures: (a) 700 °C, (b) 800 °C, (c) 900 °C, (d) 1000 °C.

As discussed above, austenitic transformation occurs when heating up to 837 °C (namely A),
and austinite transforms to lath martensite when the cooling rate is higher than 18 °C/min. Hence,
it is recognized that the meta-stable austenite remains intact before deformation. During or after
deformation, the austenite would be transformed to lath martensite or ferrite. Furthermore, it also
found that the higher deformation temperature is favorable to the formation of fine equiaxed ferrite,
while the lower deformation temperature promotes the formation of lath martensite. Generally
speaking, a high temperature would result in a coarse grain [16]. However, this phenomenon was not
observed in this project. This may be due to the dynamic transformation and recrystallization of ferrite
during the high temperature deformation.

Figure 8 shows the phase transformation temperatures, determined by Gleeble-3500, for the
low-carbon ferritic stainless steel samples deformed at the different temperatures. It can be confirmed
as martensitic transformation, in consideration of the low transformation temperature. With the
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increase in deformation temperature, the starting temperature for martensite transformation, Ms,
is decreased, while the martensitic transformation finishing point remains almost unchanged, regardless
of the deformation temperature. Besides, the M; of the samples after deformation is higher than
that of the samples without deformation (determined as 528 °C). This is because a large number of
dislocations and other defects form during the deformation process, which provides more nucleation
sites for martensitic transformation, and thus promotes martensitic transformation [17]. The higher the
deformation temperature is, the more favorable the dynamic recovery of defects is. Hence, the number
density of the defects is decreased accordingly, which results in a lower M in the sample with the
higher deformation temperature.
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500 |- —a—Ms
L —o— Mf

450

400

350
S ——
1 1 " 1 2 1 1

700 750 800 850 900

Transformation temperature (C)

Deformation temperature ('C)

Figure 8. Phase transformation temperatures for the low-carbon ferritic stainless steel samples deformed
at the different temperatures.

The formation of fine equiaxed ferrite was not detected in the thermal expansion curve determined
by Gleeble-3500. This implies that ferritic transformation is likely to occur during the deformation
process, rather than during continuous cooling after deformation. In general, this dynamic formation of
fine ferrite during deformation is considered to be a dynamic strain-induced transformation (DSIT) [18].
When deformation is in the meta-stable austenite phase region, the dynamic strain-induced ferrite
nucleates at the defects [19]. The movement of austenite-ferrite phase boundaries is hindered, due to the
enhanced strength of the matrix caused by strain hardening, accompanied by dynamic recrystallization
of ferrite grains. As a result, the DSIT ferrite grain size is very small.

The stress—strain curves of the samples with the different deformation temperatures are presented
in Figure 9. A decrease in deformation temperature leads to an increase in loading stress for reaching
the same strain amount, since the yield strength of the steel is decreased by the increase in temperature.
The stress—strain curves of the samples with the deformation temperatures of 600, 700 and 800 °C are
monotonically increased, showing the typical characteristic of work hardening. On the other hand,
in the sample deformed at 900 °C, when the strain is more than 0.3, the stress—strain curve is horizontal,
representing the dynamic softening process [20]. Firstly, during deformation at high temperature,
dynamic recovery and recrystallization occurs, offsetting the work hardening effect resulting from
dislocation multiplication [21,22]. Secondly, according to the microstructural observation, the higher
deformation temperature promotes the DSIT ferrite formation, accompanied by the movement and
annihilation of dislocation, which also results in the loss of work hardening effect [19].

Figure 10 shows the values for Vickers hardness of the samples deformed at the different
temperatures. It can be seen that the results of the hardness tests agree with the stress—strain curves.
With the increase in deformation temperature, the hardness is decreased. This is mainly due to the fact
that the rate of dynamic recovery and recrystallization will be faster when the sample is deformed
at the higher temperature, which offsets the effect of work hardening. The difference in the phase
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ratio of martensite to ferrite may also affect the hardness results. The size of the DSIT ferrite is
higher up to about 5 um in this project, so the hardness of ferrite would be lower than that of lath
martensite [23]. As mentioned above, the lower deformation temperature is more favorable to the
formation of martensite, leading to the relatively high hardness. Besides, the residual stress remains at
the lower deformation temperature, which may also lead to an increase in hardness.
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Figure 9. The true stress—strain curves for the low-carbon ferritic stainless steel samples deformed at
the different temperatures.
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Figure 10. Vickers hardness of the low-carbon ferritic stainless steel samples deformed at the
different temperatures.

3.2. Effect of Deformation Reduction

It can be recognized that the stress—strain curve for the sample deformed at 900 °C shows the
feature of dynamic softening. Hence, the effect of deformation reduction was carried out at this
temperature. A schematic illustration of the different deformation reductions is given in Figure 2b.
Figure 11 presents the optical micrographs of the low-carbon ferritic stainless steel samples with the
different deformation reductions. With the increase in deformation reduction, the fine equiaxed DSIT
ferrite fraction is also increased. Obviously, a larger deformation reduction gives rise to more defects,
and thus provides more nucleation sites for DSIT ferrite transformation.
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Figure 11. Optical micrographs of the low-carbon ferritic stainless steel samples with the different
deformation reductions: (a) 0.2, (b) 0.5, (c) 0.9.

According to the stress—strain curve for the sample with the deformation reduction of 0.9
(Figure 12), before the deformation reduction reaches 0.2, the stress—strain curve belongs to the typical
work hardening stage. In this stage, dislocation multiplication occurs with the increase in deformation.
When the deformation reduction is between 0.2 and 0.5, the stress—strain curve steps into the stage of
dynamic softening, including the dynamic recovery of dislocation and formation of DSIT ferrite. After
the deformation reduction reaches 0.5, annihilation of dislocation and recrystallization of ferrite are
dominant, resulting in the horizontal stress—strain curve.

Figure 13 presents the martensitic starting and finishing temperatures for the samples with the
different deformation reductions. It is found that the M; points are not significantly affected by
the deformation reduction, but only slightly increased. Due to the high deformation temperature,
the occurrence of recovery during cooling after deformation decreases the defect density, resulting in
the decrease in nucleation sites for martensitic transformation accordingly. However, the M points
are brought down by the increase in deformation reduction. This may be due to the fact that the
movement of austenite/martensite phase boundaries is hindered during martensitic transformation.
The martensitic transformation mechanism belongs to the non-diffusion type, with the shear-controlled
phase transformation characteristics [24]. The yield strength of the parent phase (namely austenite) is
improved by the increase in deformation reduction, impeding the migration of the martensite/austenite
interface. Thus, the rate of martensitic transformation is decreased, reflected as the decrease in
M points.
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Figure 12. The true stress—strain curves for the low-carbon ferritic stainless steel samples with a
deformation reduction of 0.9.
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Figure 13. Phase transformation temperatures for the low-carbon ferritic stainless steel samples with
the different deformation reductions.

Figure 14 shows the Vickers hardness of the samples with the different deformation reductions.
The hardness values do not change greatly, though their general trend is to firstly increase and then
decrease with the increase in deformation reduction. On the one hand, as discussed above, the hardness
of lath martensite may be higher than that of ferrite. Therefore, with the increase in deformation
reduction, the martensite fraction decreases, resulting in the decrease in hardness value. On the other
hand, the increase in deformation increases the defect density, leading to the increase in strength
and hardness. The combined effects of these two aspects result in a hardness value that does not
monotonously increase or decrease with the increase in deformation reduction.

3.3. Effect of the Deformation Rate

A schematic illustration of the different deformation rates is given in Figure 2c. Figure 15
presents the optical micrographs of the samples with the different strain rates. It can be seen that
the microstructures of all samples are composed of martensitic laths and fine ferrite grains. The
increase in the strain rate leads to the increase in the phase fraction of ferrite and the decrease in lath
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martensite fraction. There is not enough time for the recovery of dislocations and other defects at the
high deformation rate, which provides more nucleation positions for DSIT ferrite and thus greatly
promotes the ferrite transformation.
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Figure 14. Vickers hardness of the low-carbon ferritic stainless steel samples with the different
deformation reductions.

Figure 15. Optical micrographs of the low-carbon ferritic stainless steel samples with the different
strain rates: (a) 0.01s71, (b) 0.1s571, (¢) 1571
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The stress—strain curves for the different strain rates are shown in Figure 16. The stress—strain
curve shows a more obvious softening with the decrease in the strain rate. The stress-strain curve
of the sample undergoing the highest deformation rate (1 s71) reflects the typical work hardening
characteristics. When the strain rate is the slowest (0.01 s71), the phase fraction of ferrite is the lowest.
Thus, it is considered that the main origin of the softening phenomenon would be the dynamic recovery
of dislocations, and the dynamic recrystallization of a small amount of ferrite grains.
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Figure 16. The true stress—strain curves for the low-carbon ferritic stainless steel samples with the
different strain rates.

According to [25], the critical stress for recrystallization, o, can be determined in the curves for

the work-hardening rate, 6, versus flow stress, o, where 0 is expressed as do/de. As seen in Figure 17,

the value for o, is associated with the point at which the second derivative of the work-hardening rate

0 with respect to stress, i.e., 20/da?, is zero. The simplest equation for fitting the 6-0 curve can be
given by [26]:

0=A0>+Bo>+Co+D 1)

where A, B, C and D are constants depending on the deformation parameters. Obviously, differentiation
of the above equation with respect to ¢ is expressed as:

do

= =3A0® +2Bo+C )
Thus, it can be derived that
dz_Q =6A0+2B 3)
do?
When d26/do? = 0, 6. can be obtained by
O = _B 4)
€7 BA

For the sample deformed at 900 °C, with a deformation rate of 0.01 s™! the fitted polynomial is
0 = —0.011220° + 3.8399602 — 443.626460 + 17452.03963D (see Figure 1 below). Hence, the critical
stress for recrystallization, o, is calculated as 114.08 MPa. However, o. for all other samples is higher
than the loading stresses. It should be noted that the sample in Figure 1 undergoes the highest
deformation temperature and the slowest deformation rate. As the deformation temperature or the
deformation rate is decreased, the dynamic recrystallization is blocked.

The martensitic starting and finishing temperatures for the samples with the different deformation
rates are presented in Figure 18. It is found that an increase in the strain rate results in an increase in
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M;. Under the condition of high strain rate, the high density of dislocation remains and provides more
nucleation sites for the subsequent martensitic transformation, reflected as the increase in martensitic
starting transformation temperature. Furthermore, the higher deformation rate results in a higher
yield strength of the metastable austenite, which would hinder the movement of austenite/martensite
boundaries during martensite. Hence, the increase in the deformation rate results in the decrease in
the martensitic transformation rate, and thus the decrease in M.
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Figure 17. The experimental (black solid line) and fitted (red dashed line) 6-0 curves for the sample
deformed at 900 °C, with a deformation rate of 0.01 s~1.
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Figure 18. Phase transformation temperatures for the low-carbon ferritic stainless steel samples with
the different strain rates.

Figure 19 shows the Vickers hardness of the samples with the different strain rates. With the
increase in the strain rate, the hardness increases monotonically. This is attributed to the fact that the
microstructure has sufficient time for recovery and recrystallization under the condition of slow strain
rate, which leads to the reduction of hardness.
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Figure 19. Vickers hardness of the low-carbon ferritic stainless steel samples with the different
strain rates.

4. Conclusions

In this paper, the effects of the deformation temperature, the deformation reduction and the
deformation rate on the microstructures, phase transformation behaviors, stress—strain curves and
mechanical properties were investigated. The main conclusions are as follows:

(1) The increase in deformation temperature promotes the formation of the fine equiaxed DSIT
ferrite and suppresses the martensitic transformation. The higher deformation temperature results in a
lower starting temperature for martensitic transformation. When the deformation temperature reaches
900 °C, the stress—strain curve shows an obvious softening phenomenon, and the hardness decreases
to minimum.

(2) The increase in deformation can effectively promote the transformation of DSIT ferrite,
and decrease the martensitic transformation rate, which is caused by the work hardening effect on the
metastable austenite.

(3) The increase in the deformation rate leads to an increase in the ferrite fraction, because a high
density of dislocation remains that can provide sufficient nucleation sites for ferrite transformation.
The slow deformation rate results in dynamic recovery according to the stress—strain curve.

Author Contributions: Conceptualization, C.L.; methodology, Y.S. and ].M.; software, C.L.; validation, X.L.;
formal analysis, Y.S.; investigation, Y.S. and ].M.; resources, C.L. and Z.Y.; data curation, X.L.; writing—original
draft preparation, Y.S.; writing—review and editing, C.L.; supervision, C.L. and Z.Y.; project administration, X.L.;
funding acquisition, C.L.

Funding: This research was funded by National Magnetic Confinement Fusion Energy Research Project, grant
number 2015GB119001 and the Project of Natural Science Foundation of Tianjin, grant number 18JCQNJC03300
and 18YFZCGX00050.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Huh, M.Y,; Engler, O. Effect of intermediate annealing on texture, formability and ridging of 17%Cr ferritic
stainless steel sheet. Mater. Sci. Eng. A 2001, 308, 74-87. [CrossRef]

2. Yan, H.; Bi, H,; Li, X;; Xu, Z. Microstructure and texture of Nb + Ti stabilized ferritic stainless steel.
Mater. Charact. 2008, 59, 1741-1746. [CrossRef]

32



Metals 2019, 9, 463

10.

11.

12.

13.

14.

15.

16.

17.

18.

19.

20.

21.

22.

23.

24.

Seo, M.; Hultquist, G.; Leygraf, C.; Sato, N. The influence of minor alloying elements (Nb, Ti and Cu) on
the corrosion resistivity of ferritic stainless steel in sulfuric acid solution. Corros. Sci. 1986, 26, 949-960.
[CrossRef]

Mohandas, T.; Reddy, G.M.; Naveed, M. A comparative evaluation of gas tungsten and shielded metal arc
welds of a “ferritic” stainless steel. ]. Mater. Process. Technol. 1999, 94, 133-140. [CrossRef]

Wang, J.; Qian, S.; Li, Y.; Macdonald, D.D.; Jiang, Y.; Li, J. Passivity breakdown on 436 ferritic stainless steel
in solutions containing chloride. J. Mater. Sci. Technol. 2019, 35, 637-643. [CrossRef]

Song, C.; Guo, Y.; Li, K.; Sun, F.; Han, Q.; Zhai, Q. In Situ Observation of Phase Transformation and Structure
Evolution of a 12 pct Cr Ferritic Stainless Steel. Metall. Mater. Trans. B 2012, 43, 1127-1137. [CrossRef]
Shao, Y.; Liu, C.; Yue, T.; Liu, Y,; Yan, Z.; Li, H. Effects of Static Recrystallization and Precipitation on
Mechanical Properties of 00Cr12 Ferritic Stainless Steel. Metall. Mater. Trans. B 2018, 49, 1560-1567.
[CrossRef]

Fujita, N.; Ohmura, K.; Yamamoto, A. Changes of microstructures and high temperature properties during
high temperature service of Niobium added ferritic stainless steels. Mater. Sci. Eng. A 2003, 351, 272-281.
[CrossRef]

Hu, X;; Du, Y.; Yan, D.; Rong, L. Effect of Cu content on microstructure and properties of Fe-16Cr-2.5Mo
damping alloy. ]. Mater. Sci. Technol. 2018, 34, 774-781. [CrossRef]

Maki, T. Stainless steel: Progress in thermomechanical treatment. Curr. Opin. Solid State Mater. Sci. 1997, 2,
290-295. [CrossRef]

Sakai, T.; Belyakov, A.; Miura, H. Ultrafine Grain Formation in Ferritic Stainless Steel during Severe Plastic
Deformation. Metall. Mater. Trans. A 2008, 39, 2206. [CrossRef]

Dobatkin, S.V. Severe Plastic Deformation of Steels: Structure, Properties and Techniques. In Investigations and
Applications of Severe Plastic Deformation; Lowe, T.C., Valiev, R.Z., Eds.; Springer: Dordrecht, The Netherlands,
2000; pp. 13-22.

Belyakov, A.; Kaibyshev, R. Structural changes of ferritic stainless steel during severe plastic deformation.
Nanostruct. Mater. 1995, 6, 893—-896. [CrossRef]

Liu, C,; Liu, Y,; Zhang, D.; Yan, Z. Kinetics of isochronal austenization in modified high Cr ferritic heat-resistant
steel. Appl. Phys. A 2011, 105, 949-957. [CrossRef]

van Warmelo, M.; Nolan, D.; Norrish, J. Mitigation of sensitisation effects in unstabilised 12%Cr ferritic
stainless steel welds. Mater. Sci. Eng. A 2007, 464, 157-169. [CrossRef]

Wu, Y; Liu, Y; Li, C; Xia, X.; Wu, J.; Li, H. Coarsening behavior of y’ precipitates in the y’ + y area of a
Ni3Al-based alloy. J. Alloys Compd. 2019, 771, 526-533. [CrossRef]

Liu, C.; Zhao, Q.; Liu, Y.; Wei, C.; Li, H. Microstructural evolution of high Cr ferrite/martensite steel after
deformation in metastable austenite zone. Fusion Eng. Des. 2017, 125, 367-371. [CrossRef]

Zheng, C.; Xiao, N.; Hao, L.; Li, D.; Li, Y. Numerical simulation of dynamic strain-induced austenite—ferrite
transformation in a low carbon steel. Acta Mater. 2009, 57, 2956-2968. [CrossRef]

Liu, Y.; Shao, Y.; Liu, C.; Chen, Y.; Zhang, D. Microstructure Evolution of HSLA Pipeline Steels after Hot
Uniaxial Compression. Materials 2016, 9, 721. [CrossRef]

Dong, J.; Li, C; Liu, C.; Huang, Y.; Yu, L.; Li, H; Liu, Y. Hot deformation behavior and microstructural
evolution of Nb—-V-Ti microalloyed ultra-high strength steel. J. Mater. Res. 2017, 32, 3777-3787. [CrossRef]
Chen, J.; Liu, Y;; Liu, C.; Zhou, X.; Li, H. Study on microstructural evolution and constitutive modeling for
hot deformation behavior of a low-carbon RAFM steel. ]. Mater. Res. 2017, 32, 1376-1385. [CrossRef]

Zhou, Y.; Liu, Y.; Zhou, X.; Liu, C.; Yu, L.; Li, C.; Ning, B. Processing maps and microstructural evolution of
the type 347H austenitic heat-resistant stainless steel. ]. Mater. Res. 2015, 30, 2090-2100. [CrossRef]

Mao, C,; Liu, C,; Yu, L.; Li, H.; Liu, Y. The correlation among microstructural parameter and dynamic strain
aging (DSA) in influencing the mechanical properties of a reduced activated ferritic-martensitic (RAFM)
steel. Mater. Sci. Eng. A 2019, 739, 90-98. [CrossRef]

Tamura, I. Deformation-induced martensitic transformation and transformation-induced plasticity in steels.
Met. Sci. 1982, 16, 245-253. [CrossRef]

33



Metals 2019, 9, 463

25.  Jonas, ].J.; Quelennec, X.; Jiang, L.; Martin, E. The Avrami kinetics of dynamic recrystallization. Acta Mater.
2009, 57, 2748-2756. [CrossRef]

26. Najafizadeh, A_; Jonas, J.J. Predicting the Critical Stress for Initiation of Dynamic Recrystallization. ISI] Int.
2006, 46, 1679-1684. [CrossRef]

® © 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
@ article distributed under the terms and conditions of the Creative Commons Attribution

(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

34



metals ﬁw\n\py

Article

Interaction between Microalloying Additions and
Phase Transformation during Intercritical
Deformation in Low Carbon Steels

Unai Mayo 12, Nerea Isasti 12, Jose M. Rodriguez-Ibabe "2 and Pello Uranga 1-2*

1 Materials and Manufacturing Division, CEIT, 20018 San Sebastian, Basque Country, Spain;

umayo@ceit.es (U.M.); nisasti@ceit.es (N.L); jmribabe@ceit.es (J.M.R.-L.)

Mechanical and Materials Engineering Department, Universidad de Navarra, Tecnun,
20018 San Sebastian, Basque Country, Spain

*  Correspondence: puranga@ceit.es; Tel.: +34-943-212-800

Received: 29 August 2019; Accepted: 25 September 2019; Published: 27 September 2019

Abstract: Heavy gauge line pipe and structural steel plate materials are often rolled in the two-phase
region for strength reasons. However, strength and toughness show opposite trends, and the
exact effect of each rolling process parameter remains unclear. Even though intercritical rolling
has been widely studied, the specific mechanisms that act when different microalloying elements
are added remain unclear. To investigate this further, laboratory thermomechanical simulations
reproducing intercritical rolling conditions were performed in plain low carbon and NbV-microalloyed
steels. Based on a previously developed procedure using electron backscattered diffraction (EBSD),
the discretization between intercritically deformed ferrite and new ferrite grains formed after
deformation was extended to microalloyed steels. The austenite conditioning before intercritical
deformation in the Nb-bearing steel affects the balance of final precipitates by modifying the size
distributions and origin of the Nb (C, N). This fact could modify the substructure in the intercritically
deformed grains. A simple transformation model is proposed to predict average grain sizes under
intercritical deformation conditions.

Keywords: intercritical rolling; microalloying; microstructure; EBSD

1. Introduction

Intercritical rolling is extensively employed in the production of heavy gauge structural plates,
with the aim of meeting the increasing material demands of a variety of structural applications. Rolling
in the austenite/ferrite two-phase region has already been explored for plain carbon steels [1]. However,
the effect of intercritical rolling for microalloyed steels is less investigated [2]. Therefore, a deeper
understanding of the microstructural evolution under intercritical conditions and the influence of
different austenite—ferrite balances at high temperature is required for microalloyed steels in order
to define stable processing windows. It is well established that the addition of Nb as an alloying
element can retard or inhibit the recrystallization of austenite and ferrite due to two mechanisms:
the solute drag effect related to Nb in solid solution and the pinning effect caused by strain-induced
precipitation [3].

In intercritical rolling, several microstructural mechanisms could be activated, such as restoration
and recrystallization. The recovery and recrystallization phenomena occurring during deformation
in the two-phase region has been extensively analyzed for CMn steels [4,5]. It is well known that the
restoration process taking place during or after the intercritical deformation could be affected by the
available niobium during austenite to ferrite transformation. However, the interaction between Nb
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in solution and softening kinetics is less explored in the intercritical region [2,6]. Therefore, a deeper
understanding is needed regarding this issue.

In a recently published work [7], the microstructural evolution during intercritical deformation
was explored for low carbon steels, and a methodology capable of differentiating different ferrite
populations (intercritically deformed and non-deformed ferrite formed during the final cooling)
using EBSD was developed. This methodology will provide a better understanding of the exact
effect of the rolling process parameters on each ferrite population. For this purpose, intercritical
deformation simulations were carried out via dilatometry tests using CMn steels with different C
content, and an exhaustive EBSD characterization procedure was developed to classify and quantify
the different phases obtained after air cooling [7]. The procedure can be summarized in two steps. First,
pearlite has to be removed from the calculations, and to that end, the grain average image quality (IQ)
parameter is used [7,8]. Taking into account that pearlite is of a lower quality than ferrite, the lowest
1Q value points are removed. The removed fraction from EBSD scans are close to the pearlite contents
measured by optical microscopy. Then, using the grain orientation spread (GOS) parameter, which is
the average deviation between the orientation of each point in the grain and the average orientation of
the grain, the remaining ferrite grains are separated in two populations: DF (deformed ferrite) and NDF
(non-deformed ferrite). This differentiation will allow for a better understanding of the effect of the
different parameters and processes, such as restoration, precipitation etc., that occur during intercritical
deformation for each NDF and DF family. It is assumed that during deformation, a distortion in the
crystal lattice is introduced, leading to higher GOS parameter values [7,9]. Therefore, the GOS parameter
distribution is strongly affected by the ferrite content prior to intercritical deformation. In the recently
published work, a GOS value of 2° was set to differentiate NDF from DEF, yielding reasonable results.
This procedure was developed for polygonal ferritic microstructures transformed from fine austenitic
structures. However, in the current work, slightly different intercritically deformed microstructures
were formed due to the addition of microalloying elements. Depending on the austenite condition
and chemical composition, different ferrite morphology could be achieved. Coarser austenite grains,
as well as addition of microalloying elements, promote the delaying of phase transformation, leading
to the formation of more non-polygonal transformation products [10,11]. In this study, given that
more bainitic phases, such as quasi-polygonal ferrite, are observed, differentiating non-deformed
and deformed ferrite grains becomes more complex. Therefore, the threshold able to distinguish
non-deformed ferrite from deformed ferrite (previously shown in [7]) has to be redesigned.

The current work shows the complex interaction between austenite—ferrite content prior to
deformation, microalloying elements, austenite condition (recrystallized and deformed austenite)
and microstructural evolution during intercritical rolling. To that end, intercritical deformation
simulations were performed in a deformation dilatometer for CMn and NbV-microalloyed steels.
In addition to obtaining microstructural characterization by means of conventional characterization
techniques (optical and electron microscopy), a precipitation analysis was also performed for the
NbV-microalloyed steel.

2. Materials and Methods

The chemical compositions of the steels are listed in Table 1. The materials were laboratory cast
and hot-rolled to 16 mm-thick plates/slabs.

Table 1. Chemical composition of the studied steels (weight percent).

Steels C Mn Si Cr v Ti Al Nb N

CMn 0.063 1.53 0.25 0.012 0.005 0.002  0.035 0.002 0.003
NbV 0.062 1.52 0.25 0.012 0.034 0.002  0.038 0.056 0.004

Uniaxial compression tests, depicted schematically in Figure 1, were performed using a Bahr
DIL805D deformation dilatometer (BAHR Thermoanalyse GmbH, Hiillhorst, Germany). Solid cylinders
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of 5 mm in diameter and 10 mm in length were used. Two different thermomechanical schedules were
defined with the purpose of obtaining different austenite conditions (recrystallized and deformed
austenite, in Cycle A and Cycle B, respectively) prior to transformation. As shown in Figure 1,
both schedules include a solubilization treatment at 1250 °C for 15 min to ensure the total dissolution
of Nb and V precipitates. Afterwards, a multipass deformation sequence was designed. Both cycles
include a deformation of 0.4 at 1050 °C, in order to ensure a fine recrystallized austenite. In Cycle B,
a second deformation pass is applied at 900 °C, below the non-recrystallized temperature, in order to
obtain a deformed austenite prior to transformation. Cycle A was applied to the CMn steel, whereas
both schedules were applied to the NbV microalloyed steel. The samples were cooled down slowly
(1 °C/s) to three different deformation temperatures (Tdef25, Tdef50, and Tdef75), in order to obtain
three ferrite fractions (25%, 50%, and 75%) before the intercritical deformation. Finally, a deformation
of 0.4 was applied in the intercritical region. After that, the specimens were cooled down to room
temperature (1 °C/s) in both steels.

1250°C, 15min 1250°C, 15min
—_ 1050°C =04, 15 —_ 1050°C =04, 15
3min 3min
(3 (3
= =
e e
=1 Max Cooling S Max Cox
= -
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2 def75 =
1°Cls
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Time (s) Time (s)
(a) (b)

Figure 1. Thermomechanical schedule performed in the dilatometer: (a) CMn steel and NbV-microalloyed
steel; (b) NbV-microalloyed steel only.

The deformation temperatures for achieving the predefined 25%, 50%, and 75% ferrite fractions
were determined based on the dilatometry curves. The lever rule was considered in defining the
evolution of transformed ferrite fraction and proportionality between transformed fraction and
measured sample length change was assumed. The lever rule is based on extrapolating the linear
expansion behavior from the temperature regions where no transformation occurs and subsequently
assuming proportionality between the fraction of decomposed austenite and the observed length
change [12]. The ferrite fractions prior to deformation were measured in each deformation temperature
by systematic manual point count [13].

The dilatometry samples for the corresponding microstructural characterization were prepared
according to the following procedure. First, the selected samples were cut along their longitudinal
axis, at the region corresponding to a maximum area fraction of nominal strain and reduced strain
gradient [14]. After that, the samples were mechanically grounded with SiC abrasive papers and
polished with different diamond paste grades (6, 3, and 1 um) to get mirror surfaces. Finally,
the samples were etched with a 2% Nital solution. The microstructures were analyzed using different
characterization techniques like optical microscopy (OM, LEICA DMI5000 M, Leica Microsystems,
Wetzlar, Germany) and field-emission gun scanning electron microscopy (FEG-SEM, JEOL JSM-7000F,
JEOL Ltd., Tokyo, Japan).

In order to evaluate the crystallographic features of the dilatometry tests in more detail, EBSD
scans were performed for all cases. For that purpose, samples were polished with a colloidal silica
suspension. Orientation imaging microscopy was performed on the Philips XL 30CP SEM with
W-filament using TSL (TexSEM Laboratories, UT, USA) equipment. The total scanned area of the
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EBSD mappings was 350 x 350 um?, using a step size of 0.5 um and an accelerating voltage of 20 kV.
The scans were analyzed using TSL OIM™ Analysis 5.31 software (EDAX, Mahwah, NJ, USA). During
the post-processing, a clean-up procedure was applied to the raw data obtained from the scans to
assimilate any non-indexed points into the surrounding neighborhood grains. A single iteration dilation
clean-up routine with a tolerance angle of 5° and a minimum size of 3 pixels was defined. In addition,
the neighbor CI correlation procedure was taken into account, defining 0.1 as the minimum accepted
value. If there was any point with a CI value lower than 0.1, the orientation and CI of the particular
point were reassigned to match the orientation and CI of the neighbor with the maximum CI.

The size and morphology of the precipitates were studied by TEM on a scanning transmission
electron microscope JEOL JEM 2100 (TEM, JEOL 2100, JEOL Ltd., Tokyo, Japan) operated at 200 kV.
Carbon extraction replicas were obtained from dilatometry samples. Copper grids were employed to
support the carbon replicas.

3. Results and Discussion

3.1. Definition of Deformation Temperatures

In Figure 2a, the dilation curves obtained during air cooling are plotted for both steels and
austenite conditions, represented as AL/LO as a function of temperature. Figure 2b illustrates the
evolution of the transformed ferrite fraction for CMn, NbV-recrystallized austenite, and NbV-deformed
austenite (these curves are obtained from the dilatometry curves shown in Figure 2a). In Figure 2b,
the desired fractions of ferrite (25%, 50%, and 75%) are also drawn. As Figure 2 shows, depending
on the chemical composition, the transformation temperature varies. Given the aim of generating
different ferrite contents of approximately 25%, 50%, and 75%, deformation temperatures of 750, 740,
and 730 °C were selected for the CMn steel. Meanwhile, for the NbV steel, the formation of different
fractions of ferrite were achieved at deformation temperatures of 750, 730, and 720 °C in Cycle A and
770,750, and 740 °C in Cycle B (Tdef25, Tdef50, and Tdef75, respectively).
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Figure 2. (a) Dilation curves and (b) evolution of transformed fraction in both steels and both austenite
conditions for the NbV steel.

Using the deformation temperatures predicted in the dilatometry study as a reference, several
interrupted quenching tests were performed to check that the ferrite content formed at those
temperatures agreed with the objective ferrite fractions. Figure 3 shows the quenched microstructures
obtained before different intercritical deformation temperatures for CMn steel (no deformation is
applied in the austenite—ferrite domain). In Figure 4, the microstructures corresponding to NbV
quenched specimens before intercritical deformation are shown for both austenite conditions and the
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entire range of deformation temperatures. The microstructures shown in Figures 3 and 4 illustrate
the variation of the ferrite-martensite balance caused by the modification of deformation temperature,
where more ferrite is formed as the temperature decreases. Together with the microstructure, the
measured ferrite fraction is also noted in all cases. All these data are summarized in Table 2.

A

(c) Tdef75 730 °C

Figure 3. Optical micrographs obtained after a quenching at different deformation temperatures and
CMn steel (before intercritical deformation): (a) Tdef25, (b) Tdef50, and (c) Tdef75.

Figure 4. Cont.
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Figure 4. Optical micrographs obtained after a quenching at different deformation temperatures
(before intercritical deformation) and both austenite conditions for NbV-microalloyed steel
(recrystallized and deformed): (a,d) Tdef25, (b,e) Tdef50, and (c,f) Tdef75.

Table 2. Measured ferrite fraction in each deformation temperature, both chemical compositions, and

austenite conditions after quenching.

. 25% Ferrite 50% Ferrite 75% Ferrite
Steel and Austenite
Condition Tdef25 Measured Tdef50 Measured Tdef75 Measured
(o) fo Q) fa (o) fo
Cycle A . . N
NbV  recrystallized y 750 26% 730 49% 720 76%
Cycle B 770 31% 750 61% 740 79%
deformed y
CMn Cycle A 750 24.3% 740 53.3% 730 73.1%
recrystallized y

For NDbV steel (see Figure 4), a microstructural refinement (finer ferrite grains) is observed when
the transformation occurs from deformed austenite (Cycle B). This refinement is related to the increase
in the density of nucleation sites introduced by deformation in the austenite [11]. The ferrite fractions
prior to deformation were measured in each deformation temperature and the results are presented in
Table 2. As shown in Table 2, the measured ferrite fractions are very close to the objective ones.

3.2. Microstructures at Room Temperature after Intercritical Deformation

In Figure 5, optical micrographs corresponding to room temperature after intercritical deformation
for both steels (CMn and NbV) and both austenite conditions (recrystallized in Cycle A and deformed
austenite in Cycle B) are presented. Combinations of non-deformed ferrite (NDF) and deformed ferrite
(DF) are clearly distinguished in all the cases. Moreover, the formation of pearlite is observed in the
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resulting microstructures. Pearlite fractions of 13.7%, 6.1%, and 6.2% have also been measured for
CMn, NbV recrystallized austenite, and NbV deformed austenite Tdef25 samples, respectively. In both
chemical compositions (see Figure 5), the fraction of deformed ferrite increases as the deformation
temperature decreases, due to a higher amount of ferrite formed prior to the intercritical deformation.
This deformed ferrite is characterized by a significant presence of substructure (see Figure 5¢), reflecting
the fact that ferrite is restored after deformation in the intercritical region [6]. In addition, the morphology
of non-deformed ferrite changes from a polygonal ferrite (see Figure 5d) to a quasi-polygonal ferrite
(non-equiaxed) as deformation temperature decreases (see Figure 5f).

CMn (Recrystallized )
el Y

g
5
[
2
5
[
(b) Tdef50 740 °C
T
Bl
I
g % o
2 P
s )

() Tdef75 720 °C (i) Tdef75 740 °C

Figure 5. Optical micrographs obtained after air cooling at different deformation temperatures
((a,d,g) Tdef25, (b,e,h) Tdef50, and (c,f,i) Tdef75) and different conditions: (a,b,c) CMn recrystallized
austenite, (d,e,f) NbV recrystallized austenite, and (g,h,i) NbV deformed austenite.

With the aim of evaluating the effect of deformation temperature and ferrite fraction before
deformation on the final microstructure more precisely, the microstructural analysis was extended via
EBSD. The EBSD technique was used to analyze the microstructural features of the samples deformed
in the intercritical region, which cannot be correctly quantified by any other standard microstructural
characterization techniques such as optical microscopy and/or FEG-SEM. In Figure 6, the grain
boundary maps related to the NbV recrystallized austenite and CMn steels can be compared for Tdef25
(a,c) and Tdef75 (b,d). The boundaries between 2° <9 < 15° are considered the low angle boundary,
while those with ¥ > 15° are assumed to be high angle boundaries [14]. In Figure 6, the low and
high angle boundaries are drawn in red and black, respectively. With regard to the effect of chemical
composition, it is observed that the addition of Nb and V promotes a more intense substructure within
the non-deformed ferrite grains (higher fraction of low angle boundaries drawn in red) within the
ferrite grains, mainly in the highest ferrite content (see Figure 6b,d). This could be related to the effect of
microalloying elements (mainly Nb) on the delaying of transformation start temperatures. It is known
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that the addition of Nb retards the austenite to ferrite transformation [15,16], which implies that ferrite
will be formed at lower transformation temperatures, leading to the formation of more bainitic phases.
Quasipolygonal ferrite grains are characterized by irregular grain boundaries and often show etching
evidence of substructure [17].

NbV (Recrystallized y) CMn (Recrystallized y)
Min  Max  Fraction % J “fﬂ A Min Max  Fraction s & !-" o
. 15 180 0246 2 / 5 180° 0.200 sy
7z L)% Y 5 5 45t 0450

Tdef25

Tdef75

Figure 6. Grain boundary maps (low and high angle boundaries, in red and black color, respectively)
corresponding to (a,b) NbV recrystallized austenite and (c,d) CMn. Different ferrite levels prior to
deformation have been included: (a,c) Tdef25 and (b,d) Tdef75.

In addition, the EBSD maps shown in Figure 6 suggest that depending on the deformation
temperature and, consequently, the fraction of ferrite prior to intercritical deformation, completely
different microstructures are formed. When the microstructure contains a low fraction of ferrite prior
to intercritical deformation, the presence of relatively polygonal ferrite grains is clearly observed
(see Figure 6a,c). As the deformation temperature decreases, more elongated and coarser grains can be
observed. As mentioned before, the applied deformation promotes the modification of the formed
ferrite, reflected in the presence of a higher substructure. Figure 6 shows that the deformed ferrite
is characterized by a significant presence of substructure, reflected in a higher fraction of low angle
boundaries drawn in red. This could be clearly observed for both chemical compositions. In both
steels, for Tdef75 condition, a lower deformation temperature than in Tdef25 is applied, leading to the
formation of a more intense substructure as the deformation temperature decreases.
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The differences between different ferrite morphologies can be appreciated more properly in
the FEG-SEM micrographs shown in Figure 7, which presents the micrographs corresponding to
the NbV steel and the lowest deformation temperatures (Tdef75). Figure 7a corresponds to the
microstructure obtained after transformation from recrystallized austenite (Cycle A) and intercritically
deformed at 720 °C, whereas in Figure 7b, the micrograph is related to the sample transformed from
deformed austenite (Cycle B) with an intercritical deformation at 740 °C. The addition of microalloying
elements, especially Nb, promotes the formation of more bainitic phases and reduces the presence
of polygonal phases, leading to non-equiaxed grains being predominant in the microstructure [12].
This quasi-polygonal ferrite is observed in both austenite conditions of the NbV-microalloyed steel.
However, the differences between the microstructures formed from recrystallized austenite and
deformed austenite are clear. Furthermore, when the transformation occurs from recrystallized
austenite (Figure 7a), deformation bands are identified inside the deformed ferrite grains, reflecting
a lack of ferrite restoration. The addition of Nb delays or suppresses the restoration of ferrite when the
transformation occurs from Cycle A (recrystallized austenite). The drag effect at low temperatures
(ranging between 740 °C and 720 °C), delays and suppresses the restoration of ferrite during intercritical
deformation [2,3]. However, in the sample transformed from deformed austenite (Figure 7b), there is
a substructure composed of subgrains, which is associated with the activation of restoration during
the deformation pass [13]. The deformation of austenite below the non-recrystallization temperature
(Twr) promotes strain-induced precipitates which are effective for austenite pancaking but reduce the
Nb available during and after transformation to interact with ferrite restoration or recrystallization
phenomena [3].

(d

Figure 7. (a,b) FEG-SEM micrographs and (c,d) inverse pole figure (IPF) + image quality (IQ) maps
corresponding to the NbV and Tdef75: (a,c) Cycle A (transformation from recrystallized austenite)
and intercritical deformation temperature of 720 °C and (b,d) Cycle B (transformation from deformed
austenite) and deformation temperature of 740 °C.
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In Figure 7c,d, inverse pole figures (IPFs) and image quality maps are superimposed, as are
high and low angle boundaries (coarse and fine black lines, respectively). As mentioned previously,
a completely different substructure is observed inside the deformed ferrite grains for each austenite
condition (see the low angle boundaries drawn in the IPF maps). When the ferrite comes from
a deformed austenite, well-defined subgrains are observed in the deformed ferrite (see Figure 7d).
By contrast, when the transformation occurs from a recrystallized austenite, the deformed ferrite
presents microbands (see Figure 7c). The addition of Nb delays or suppresses the restoration of
ferrite when transformation takes place from a recrystallized austenite, promoting the formation of
microbands. In the sample transformed from deformed austenite, a clear substructure associated with
the activation of restoration during the deformation pass is noticed [2-5,13].

3.3. Effect of Austenite Conditioning and Addition of Microalloying Elements

As shown in Figure 5, the microstructures generated after intercritical deformation are composed
of different balances of NDF and DF, with some pearlite (P) islands dispersed in the ferritic matrix.
In order to analyze the microstructural features of the deformed (DF) and non-deformed ferrite (NDF)
populations separately, a recently developed discretization methodology was employed [7].

In the microstructures shown above, three different ferrite populations are identified: polygonal
ferrite (PF), quasi-polygonal ferrite (QF), and deformed ferrite. GOS distributions were analyzed in
each case, defining a grain tolerance angle of 5° and a minimum grain size of 0.91 um. For each GOS
distribution, a threshold GOS value was defined for differentiating deformed and non-deformed ferrite
grains and optimum GOS values were defined for obtaining the desired ferrite fraction (25%, 50%,
and 75%). From this analysis, a common value of 4° was estimated as the average of all the threshold
angles defined in each scan. This threshold GOS value was able to distinguish both non-deformed
and deformed ferrite in the final microstructure for both compositions, the ferrite content before
deformation, and austenite condition (recrystallized and deformed ferrite). In this case, the ferrite
population with GOS values lower than 4° is considered non-deformed ferrite, where PF and QF are
included. GOS values higher than 4° correspond to deformed ferrite grains. As an example, in Figure 8,
the grain boundary maps corresponding to both non-deformed (polygonal and quasi-polygonal ferrite
in Figure 8a) and deformed ferrite families (in Figure 8b) are shown. The differentiation of both ferrite
populations is shown for CMn steel and a deformation temperature of 740 °C (Tdef50).

CMn Cycle A (recrystallized vy)

Figure 8. Grain boundary maps (low and high angle boundaries, in red and black color, respectively)
corresponding to Tdef50 and CMn steel: (a) non-deformed ferrite (NDF) and (b) deformed ferrite
(DF) family.
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Based on the discretization methodology described above, high angle misorientation unit sizes
for each ferrite type were quantified, considering the 15° misorientation criterion (Dys¢). The effective
grain size was calculated as the equivalent circle diameter corresponding to the individual grain area.
The considered minimum grain size is equal to 3 pixels (equivalent to 0.9 um for the 0.5 pm step
size employed in the current EBSD analysis). In Figure 9a,b, unit size distributions are presented
for both non-deformed and deformed ferrite families corresponding to Tdef50. Comparing the
grain size distributions obtained in each ferrite population, significantly finer grains were measured
for non-deformed ferrite (see Figure 9a) compared to deformed ferrite (Figure 9b). Additionally,
in Figure 9¢,d, mean grain size values are plotted for both ferrite types and different ferrite levels,
as well as both chemistries and austenite conditions. As mentioned previously, in the analysis of the
results shown in Figure 9¢,d, considerably finer microstructures were obtained in the non-deformed
ferrite formed during the final air cooling step. With regard to the mean grain size trends corresponding
to non-deformed ferrite population, no significant effect of ferrite fraction before deformation and
addition of microalloying elements on grain size is observed. Similar mean unit size values were
measured in entire ferrite content for both steels and different austenite conditions. Nevertheless,
a different behavior could be detected regarding the evolution of mean grain size of the deformed ferrite
family. The addition of Nb and V promotes microstructural refinement when the transformation occurs
from deformed austenite. In summary, a microstructural refinement is ensured when deformation is
accumulated in the austenite prior to transformation. The benefit of the accumulation of deformation
in the austenitic range is associated with the increase of the specific grain boundary, which leads to
a significant increase in the density of ferrite nucleation sites introduced by deformation [18-21].

Different equations have been proposed in the literature for predicting the ferrite grain size after
austenite-to-ferrite transformation for different steels [19,22-24]. All of the mentioned expressions take
into account the initial austenite grain size (dy), the cooling rate under continuous cooling conditions
(T), and the accumulated strain in the austenite prior to transformation (e4.). However, depending on
the equation, significant differences can be observed in the predicted ferrite grain size. After comparing
the predicted ferrite grain size with the experimental grain size values, the approach proposed by
Bengochea et al. [19] (see Equation (1)) was selected.

-1
do = (10560 "7)(4.5+ 3T * +13.4(1 - exp(-0.015d,))), 1)

where dy, €4, and T are the austenite mean grain size (in pm), the accumulated strain in the austenite
prior to transformation, and the cooling rate (°C/s), respectively.

Even though Equation (1) [19] was initially developed for continuous cooling conditions
(austenite—ferrite phase transformation), in the present work, the applicability of this approach
for intercritically deformed microstructure was evaluated. Considering this equation, the intercritically
deformed ferrite grain size, as well as the non-deformed ferrite grain size were predicted. In Table 3,
besides the predicted mean ferrite grain sizes, the variables considered in each condition are summarized
for both ferrite families. For the deformed ferrite population (DF), the mean austenite grain size at
1050 °C is considered (after the deformation pass at this temperature) (73 and 55 um, for CMn and
NbV-microalloyed steel, respectively). In the NbV deformed austenite condition, an accumulated
strain (e,c) of 0.4 was considered in order to take into account the accumulation of deformation in the
austenite prior to transformation. In analyzing the predicted mean ferrite grain sizes, it is observed
that finer ferrite grains are estimated for NbV deformed austenite.

Regarding the non-deformed ferrite grain size (transformed after intercritical deformation and
during the final air cooling step), the €. term is considered to be 0.4 for CMn and NbV recrystallized
austenite, whereas for NbV deformed austenite, a ¢,. of 0.8 is taken into account (the sum of the
deformation applied below Ty, in austenite and deformation applied in the intercritical region).
To estimate mean austenite grain size prior to transformation, the ferrite content prior to intercritical
deformation must be taken into account [25,26]. It is well known that as ferrite content increases before
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deformation, the remaining austenite grain size decreases. Therefore, the remaining austenite sizes
were measured in selected quenched samples prior to intercritical deformation (by measuring the
martensitic regions in the quenched samples) in order to find the relation between ferrite fraction before
intercritical deformation and the remaining austenite size. For example, in the NbV recrystallized
austenite condition, the mean austenite size decreased from 47 to 26 um, increasing the intercritically
deformed ferrite fraction from 24% to 71%. As the content of ferrite prior to intercritical deformation
increased, the predicted mean non-deformed ferrite size decreased, due to the reduction of the mean
austenite grain size. For example, for NbV recrystallized austenite, calculated do decreased from 9.6 to
8.0 um when the ferrite fraction increased from 24% to 71%.
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Figure 9. Grain size distributions corresponding to Tdef50 and different chemical composition
(CMn, NbV recrystallized austenite, and NbV deformed austenite): (a) Non-deformed ferrite and (b)
deformed ferrite population. Influence of austenite/ferrite balance, chemical composition, and austenite
condition on 15° mean grain size of both ferrite populations: (¢) non-deformed ferrite and (d) deformed
ferrite population.
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Table 3. Predicted mean ferrite grain sizes for both ferrite families considering Equation (1) [19] and

the variables considered in each condition.

Ferrite Family Condition Ferrite Content Prior Mean Austenite Size, . T da Predicted (um) by
to Deformation (%) dy (um) ace °C/s) Equation (1)

37 73 0 1 16.4
CMn 64 73 0 1 16.4
63 73 0 1 16.4

NbV 24 55 0 1 15

DF recrystallized 61 55 0 1 15
austenite 71 55 0 1 15

8 55 0.4 1 10.1

NbV deformed 53 55 04 1 101

austenite 45 55 0.4 1 10.1

37 36 0.4 1 8.9

CMn 64 16 0.4 1 7.0

63 16 0.4 1 7.0

NbV 24 47 0.4 1 9.6

NDF recrystallized 61 31 0.4 1 8.4
austenite 71 26 0.4 1 8.0

8 52 0.8 1 8.1

NbV deformed 53 35 038 1 71

austenite 45 38 0.8 1 7.3

In Figure 10, the predicted ferrite sizes are plotted as a function of ferrite grain size measured
by the EBSD technique for the different compositions, austenite conditions, and ferrite families
(DF and NDF, deformed and non-deformed ferrite, respectively). With regard to the non-deformed
ferrite, a reasonable fitting can be observed for all the conditions. However, for the NDF population, the
experimentally measured mean grain sizes were slightly larger than the predicted ferrite grain sizes,
principally for the NbV deformed austenite sample. This deviation is more significant for Tdef50 Tdef75
conditions. For NbV grade, further analysis is required in order to understand the effect of deformation
temperature on ferrite grain size when the transformation takes place from a deformed austenite.
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Figure 10. Predicted ferrite grain sizes considering Bengochea’s [19] equation as a function of ferrite size
measured by EBSD for both chemical composition, austenite conditions, and both ferrite populations
(NDF and DF).

3.4. Interaction between Precipitation, Nb in Solution, and Intercritically Deformed Ferrite

In order to evaluate the role of Nb and V precipitates in the different processes (restoration,
recrystallization) occurring during the intercritical rolling, a study of fine precipitates was carried out
on carbon extraction replicas, and the average precipitate size was measured in selected conditions.
Figure 11 shows differences in precipitation for both recrystallized and deformed austenite for the
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Tdef75 condition. Regarding the effect of austenite conditioning, different precipitation populations
were formed depending on the applied rolling strategy (recrystallized or deformed austenite). When the
transformation occurs from recrystallized austenite, a high density of fine precipitates can be detected.
These precipitates are considered to be formed in ferrite during or after the intercritical deformation.
Nevertheless, in the sample corresponding to deformed austenite, strain-induced precipitates formed
in austenite are also observed. In all cases, most of the particles are Nb-rich precipitates, as well as
NbV and NbTiV-rich precipitates (see microanalysis shown in Figure 11e).

T

NbV (Deformed austenite)
-‘ o e ;. SOVE,

(e)

Figure 11. TEM images obtained in (a,b) NbV recrystallized austenite and (c,d) NbV deformed austenite
at different magnifications for Tdef75. (e) Microanalysis of the precipitates.
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In Figure 12a, the precipitate size distributions are plotted. The precipitate diameter distributions
corresponding to recrystallized austenite and deformed austenite conditions (Tdef75 case) can be
compared. The results indicate that noticeably finer precipitates were measured when transformation
occurs from recrystallized austenite (mean precipitate size is decreased from 15.9 to 10.2 nm). This could
be related to the fact that a lower intercritical deformation temperature is applied in Cycle A
(recrystallized austenite), which leads to the formation of finer precipitates in ferrite. In addition,
as previously mentioned, a higher density of fine precipitates was observed.

30% 30%
mNbV Deformed Austenite (Tdef75) | ENbV Recrystallized Austenite Tdef25 |
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(a) (b)

Figure 12. Precipitate size distribution measured for (a) NbV recrystallized austenite and NbV deformed
austenite for Tdef75. (b) Tdef25 and Tdef75 for NbV recrystallized austenite.

The results indicate that the nanometric precipitates could suppress the restoration of ferrite,
forming microbands when transformation occurs from recrystallized austenite. In the case of Cycle B
(deformed austenite), strain-induced precipitates formed in the austenitic region—which are bigger
but fewer in number—were not able to stop the restoration process that happens during or after the
intercritical deformation. Differences in the niobium available during transformation are a key factor in
maintaining the deformation bands or in developing a substructure within the intercritically deformed
ferrite grains.

Besides the analysis of the influence of the accumulation of deformation in the austenite prior
to transformation, the effect of ferrite fraction before intercritical deformation was also analyzed.
An example is given in Figure 13, which shows the comparison between TEM images corresponding to
Tdef25 and Tdef75. Furthermore, in Figure 12b, the precipitate size distributions are also presented.
Quantified mean precipitate sizes are also included in the graphs. A significant precipitate size
refinement is clearly noticeable as ferrite content prior to deformation increases and intercritical
deformation temperature decreases. Moreover, as shown in Figure 13, a higher fraction of fine
precipitates is observed for Tdef75. Mean precipitate size decreases from 13.8 to 10.2 nm when the
fraction of ferrite before intercritical deformation increases from 25% to 75%. Finer precipitates are
formed when lower intercritical deformation is applied, confirming that the precipitation occurs during
or after intercritical deformation.
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Tdef25 . Tdef75

Figure 13. TEM images obtained in NbV recrystallized austenite and different ferrite contents prior to
intercritical deformation: (a) Tdef25 and (b) Tdef75.

4. Conclusions

The analysis of intercritically deformed microstructures has been validated and extended to
NbV-microalloyed steels following an EBSD characterization procedure. The threshold values for
differentiating between deformed and non-deformed ferrite depend on the ferritic structure formed.
Non-deformed equiaxed ferrite grains can be distinguished more easily from deformed ferrite grains,
while in situations where non-polygonal and more bainitic structures are formed, the differentiation
between deformed and non-polygonal grains is more diffuse due to a higher dislocation density in
the latter.

The transformation of ferrite from recrystallized and deformed austenite implies modifications
in the intercritically deformed ferrite. Differences in the niobium available during transformation
are a key factor in maintaining the deformation bands and in developing a substructure within the
intercritically deformed grains.
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Abstract: In this paper, a method of using the second phase to control the grain growth in Fe-Al-Cr
alloys was proposed, in order to obtain better mechanical properties. In Fe-Al-Cr alloys, austenitic
transformation occurs by adding austenitizing elements, leading to the formation of the second phase
and segregation at the grain boundaries, which hinders grain growth. FeCr(o) phase was obtained in
the Fe-Al-Cr alloys, which had grains of several microns and was coherent and coplanar with the
matrix (Fep AICr). The nucleation of o phase in Fe-Al-Cr alloy was controlled by the ratio of nickel
to chromium. When the Ni/Cr (eq) ratio of alloys was more than 0.19, o phase could nucleate in
Fe-Al-Cr alloy. The relationship between austenitizing and nucleation of FeCr(c) phase was given by
thermodynamic calculation.

Keywords: high-aluminum steel; second phase; phase transition; thermodynamic calculation

1. Introduction

Heat-resistant ferritic steels have better heat capacity and a lower thermal expansion rate than
nickel-based alloys. The growth rate and adhesion of Al-rich oxide film on Fe-Al-Cr alloy are not
affected by water vapor because of its good thermal cycling resistance. Depending on the protective
thermal growth oxides (TGO) to prolong the service life of alloys under harsh working conditions
and maintain the stability of material systems and isolate pollutants, many researchers have proposed
that Fe—~Al-Cr alloys can be regarded as a new generation of nuclear fuel cladding materials [1,2].
The coarse grains are the main factor hindering the development of Fe—Al-Cr alloys. In recent years,
researchers generally intend to use the second phase in Fe—Al-Cr alloys to refine the grains and
strengthen the matrix. The (Ni, Fe) Al precipitates have been studied most [3-5]. C. Stallybrass et al.
have suggested that the high temperature strength of nickel-based superalloys is attributed to the
dispersion strengthening of Ni3Al. Similar microstructures could be obtained in the Fe-Al-Ni—Cr
system with B2 ordered (Ni, Fe) Al precipitates in the ferritic matrix superalloys.

In the Fe-Cr-Al ternary system, there is a miscible zone between the disordered A2 phase and the
ordered B2 phase [6]. These two phases have similar lattice parameters, and they are coherent and
coplanar, which is a characteristic shared by alloys consisting of miscible phases and nickel-based
superalloys. In general, the volume fraction of precipitates strengthened by coherent B2 (Ni, Fe) Al
precipitates is 13% and the average precipitation radius is 62 nm [7]. The creep mechanism is the
repulsive elastic interaction between the general dislocation climb, the coherent precipitate, and the
matrix dislocation [8-12].

However, the Ni-Al phase plays an important role in precipitation strengthening and does not
fundamentally refine the grain size of Fe-Al-Cr alloys. The aim of this study was to limit the grain
growth of Fe—Al-Cr alloys by searching for a continuous and inhomogeneous micron-sized second
phase in order to achieve good mechanical properties. FeCr has entered our field of vision, because it
has a body-centered cubic lattice similar to ferrite, its crystal group is Im3m (229), and it is easy to
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nucleate at the grain boundary. As a common second phase in nickel-based superalloys, we tried to
study its effects on iron-based superalloys.

2. Experimental Procedures

Four alloys with different chemical compositions (Table 1) were melted in a vacuum induction
furnace. The raw melting materials included DT4C pure iron, pure aluminum, pure nickel, and GCr15
bearing steel. It is noteworthy that the alloy was stirred uniformly under the action of the magnetic
field. After the shell was formed by air cooling, the alloy, the billet of which had just become solidified,
was impacted by a large amount of water (of about 20 °C temperature), and the metal was cooled to
room temperature in a few minutes.

Table 1. Alloy chemical composition (in wt.%) determined by XRF (X-ray Fluorescence, 20°/min).

No. Fe Al Cr Ni C \% Ti
#1 72.27 791 13.17 6.65 - - -
#2 81.97 8.46 8.76 - 0.81 - -
#3 75.15 12.25 10.29 2.11 0.20 - -
#4 75.54 11.73 11.48 8.68 - - 1.21
#5 82.57 8.80 4.86 2.19 - 1.36 -
#6 86.91 8.38 4.71 - - - -

The grain morphology of the alloys was observed under a metallographic microscope, and their
phase composition was analyzed by X-ray diffraction (XRD, D/mAX 2500, Japanese Neo-Confucianism
Corporation, Tokyo, Japan). The surface morphology of the alloys was observed by field emission
scanning electron microscopy (FESEM, JOEL JSM-7800F, Japan Electronics Corporation, Tokyo, Japan),
and the main chemical components of the phases were analyzed by energy dispersive spectroscopy (EDS,
JOEL JSM-7800F, Japan Electronics Corporation, Tokyo, Japan) coupled with FESEM. Subsequently, the
as-cast alloys were cut into the specimens of 15 X 15 X 5 mm in size.

The #1, #2 and #3 alloys were heated from 20 to 1000 °C for 30 min, cooled by water (20 °C),
re-heated to 1000 °C for 30 min, and then rolled by a rolling mill with a pair of work rolls under a
rolling pressure of 25 T. The thickness of the samples was decreased from 5 to 2.5 mm during the
rolling process. After rolling, the alloys were placed into a DHG-9053 thermal oven and dried at 200 °C
for 72 h.

3. Results and Discussion

3.1. Second Phase of Alloys

From the metallographic observations, the matrix structure was divided into smaller grains by
the second phase in #1, #2 and #3 alloys, and the matrix grains encountered the hindrance of the
second phase during the growth process (Figures 1 and 2). Combining the EDS results (Table 2,
Figures 3 and 4), it can be observed that the matrix structure was «-Fe solid solution of Fe, AlCr.
However, the second phases of the alloys with different compositions varied from each other. In
particular, alloy #1 formed FeCr phase (o phase), alloy #2 formed a mixed phase of FeCr phase and a
great deal of carbide precipitation, and alloy #3 formed a mixed phase of FeCr and a little amount
of carbide precipitation. In contrast, samples #4, #5, and #6 alloy did not have FeCr phase; they had
a large grain size, which can reach several millimeters in diameter. The average rain diameter of
each alloy was calculated by Image-pro software, #1 alloy’s grain diameter was 86.7 um, #2 alloy was
93.2 um, #3 alloy was 95.5 um, #4 alloy was 1035.3 pum, #5 was 4369.7 um, and #6 was 3180.9 pum.
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Figure 1. Metallography structure of alloys. FeCr phase appeared in #1, 2, and 3 alloys, (Ni Fe)Al
appeared in #4 and #5 alloys. FeCr and (Ni Fe)Al’s components are presented in Table 2.

Figure 2. SEM image of alloys grain. A large number of FeCr phases accumulated at the grain
boundaries in #1 alloy. In #2 alloy, FeCr phase nucleated on the carbide. There was distribution of
FeCr along the grain boundary in 3# alloy. (Ni Fe)Al phase was precipitated in #4 and #5 alloys, which

played the role of precipitation strengthening.

Table 2. Chemical compositions of the respective locations shown in Figure 2. There were both FeCr
and carbides (Locations 1, 2 and 3), and there were (Ni Fe)Al in Locations 4 and 5.

Element Location1 (at. %) Location 2 (at. %) Location 3 (at. %) Location 4 (at. %) Location 5 (at. %)

Fe 53.64 57.68 59.72 73.19 75.86
Al 1.46 7.31 9.96 18.31 16.72
Cr 42.45 14.07 34.48 - -

C - 20.94 3.76 - -
Ni 2.45 - 2.04 8.60 432
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Figure 3. FESEM image of alloy #1, showing a sample grain and element distribution at a grain
boundary. The distribution of elemental Cr is particularly important, as the distribution of elements
coincides with that of phases.

Crka1 CKal_2

Figure 4. FESEM image of alloy #2 sample grain and element distribution at a grain boundary. The
distribution of Cr elements coincides with that of the phases in the grain boundary.

There was no obvious grain boundary defect in the matrix in #1, #2 and #3 alloys’ grain, whilst
the second phase had an obvious grain boundary. The grain size of the matrix could reach tens of
microns, whilst the grain size of the second phase was only a few microns. The second-phase grains
were dendritic, a small portion of which were scattered in the matrix grains. The grain sizes of #4, #5
and #6 alloys reached hundreds of microns, and the alloys’ grain boundaries were clean, without the
second phase at the grain boundaries.
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3.2. Thermodynamic Calculation

The matrix phase of Fe~Al-Cr alloys is ferrite structure, which is a body-centered cubic lattice.
In our conception, we need to find a second phase of body-centered cubic crystal to meet two
requirements. The second phase is needed to prevent the growth of ferrite grains, and to form a
semi-eutectic lattice structure. o phase is a destructive second phase in nickel-based superalloys,
which is body-centered cubic crystal (its space group is Im3m (229)). The destructive effect of o phase
in nickel-based superalloys is that o phase nucleates easily at grain boundaries and the lattice of
nickel-based superalloys is usually a face-centered cubic structure [13].

o phase is a kind of topological close-packed phase (TCP), which is easy to nucleate on grain
boundaries and carbides. Thermodynamic calculation by FactSage6.2 (Equilib Module) shows that
adding Ni element to the alloy is beneficial for the nucleation of o phase (Figure 5) [14].

100k —&— 1300K BCC_A2
—a— 1300K FCC_A1
—e— 500K o phase
e 80
E
< 60F
X
3
o 40}
=
o
20+
0k

0 2 4 6 8 10
%Ni=(wt.%)

Figure 5. Relationship between Ni contentin alloy and o phase volume content in Fe-8 wt.%Cr-4 wt.% Al.

The nucleation of ¢ phase is related to the electron vacancy concentration in the lattice [15,16].
AN, = N; - NV (1)

When AN is less than zero, o phase will nucleate. The smaller AN, is, the more ¢ phase will precipitate.
N; means critical electron vacancy and Ny means electrons vacancy density. Austenite’s primary cell
has higher electron vacancy density than ferrite. Thus, o phase is easy to nucleate in austenite solid
solution. Ni is a strong austenitic stabilization element, and a small amount of Ni can achieve stability
austenitic phase (Figure 6). This explains the positive effect of Ni on ¢ phase nucleation.

Another reason is that the diffusion of Cr atoms in ferrite is easier than that in austenite. After
alloy austenitizing, Cr atoms are confined to those regions and mixed with some free Fe atoms to form
o phase, which hinders the growth of Fe-Al-Cr alloy grains. Other austenitizing elements have similar
effects with Ni elements, such as C (Figure 7). The effect of austenitizing on the second phase of the
alloy is shown in Figure 5. Nickel equivalence has an important effect on austenitizing of alloys, and
austenitizing affects the nucleation of FeCr.
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The equilibrium multicomponent system has the smallest Gibbs free energy (Equation (1)). The
thermodynamic description of a system requires that each phase has its corresponding thermodynamic
function (Equation (2)), which is used to describe the relationship between temperature, pressure,
concentration and various free energy functions. In the calculation of phase diagrams, Gibbs free
energy of two-element phase in a multicomponent system can be decomposed into three independent
parts (Equation (3)). The sub-lattice model is used for the ordered phase with ordered/disordered
phase transition. The lattice position fraction occupied by atoms in the primary cell is used to replace
the stoichiometric ratio in the solution model (Equations (4) and (5)).

P
Geg = min(z nG?) @)
i=1
G® = GP(T,x) + G (b, T,x) + G (T, Bo, T, x) ®)
G® =G + 9GS + aG! )
XA = aly}4 + azyi 5)
xp = alyy +a’yy ©)

The results of phase diagram calculation are as follows (Figures 6-8).

(b) Fe Ni/(Fe+Al+Ni)=0.04(g/g)

(d) Fe

Nil(Fe+Al+Ni)=0.08(alg)

. BCC+BZ

Al Al

ALCr, ALCT  ALGr AlCr T LG AlyGr,

Figure 6. Effect of Ni addition on the Fe—~Al-Cr phase diagram (1000-2000 K). (a) Ni/(Fe + Al + Cr) =
0 wt.%; (b) Ni/(Fe + Al + Cr) = 4 wt.%; (c) Ni/(Fe + Al + Cr) = 6 wt.%; and (d) Ni/(Fe + Al + Cr) =
8 wt.%.
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Figure 7. Effect of C addition on the Fe-Al-Cr phase diagram (10002000 K). (a) C/(Fe + Al + Cr) = 0.2
wt.%; (b) C/(F e+ Al + Cr) = 0.4 wt.%; (c) C/(Fe + Al + Cr) = 0.8 wt.%; and (d) C/(Fe + Al + Cr) =1 wt.%.

i Cr
Al wt.%=0 % 1500K
Figure 8. Effect of Al addition on the Fe-Ni-Cr phase diagram (1000-2000 K).

With the increase of aluminium content, the boundary between the austenite phase and the
ferrite phase diagram shifts to the left until the austenite phase disappears completely. From Figure 9,
austenitizing of Fe-Al-Cr alloys does not depend on the content of Ni, but on the ratio of Ni equivalent
to Cr equivalent. This conclusion is confirmed by experiments (Figure 9). When the Ni/Cr ratio of
alloys is more than 0.19, o phase can nucleate in Fe-Al-Cr alloys.
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Figure 9. The different locations indicate the Cr/Ni ratio of the alloys.

3.3. Effect of High Temperature Environment on ¢ Phase

The matrix phase (Fe;AlCr) of the alloys was coherent and coplanar with the second phase (FeCr).
It was impossible to observe the behavior of the second phase at high temperature by XRD (Figure 10),
because the matrix phase causes confusion. The effect of high temperature on phase A was studied
using high temperature experiments.
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Figure 10. XRD results of the #1, #2 and #3 alloys. (a) Comparison of XRD images of Alloys with XRD
of Standard Substances. The Fe; AlCr and FeCr phases were coherent and coplanar. (b) XRD results of
#1 alloy at different temperatures.

The phase distribution and grain size around the grain boundary of the alloys was hardly changed
by quenching. Thermomechanical treatment results (rolling) in obvious grain orientation: tangential
direction of the deformation direction of the alloys. The grain size of the alloys tended to grow after
aging at 200 °C for 72 h after deformation. In addition, the distribution of the second phase was
significantly changed after thermomechanical treatment. The distribution became more dense and the
grains became more chaotic whilst more second phase particles entered into the grains (Figure 11).
Unfortunately, these heat treatments cannot refine the grain size of these alloys from the results.
Moreover, after thermomechanical treatment, the toughness will be further decreased due to the
formation of texture (Figure 12). In summary, thermomechanical treatment did not achieve the goal of
grain refinement, which again indicated that the two phases are coherent and coplanar. o phase will
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not decompose rapidly in a 1000 °C high temperature working environment, and it will not dissolve
into the matrix in a short time heating process.

Alloy As cast  Quenching Thermomechanical Aging

500um
e

Figure 11. Metallographic structure changes in the four alloys during heat treatment. Alloys were
heated from 20 to 1000 °C for 30 min, cooled by water (20 °C) re-heated to 1000 °C for 30 min, and after
rolling, aging 72 h in 200 °C.

Bl B

Figure 12. Alloy microstructure after a series of heat treatments. (a) Alloy #1; (b) alloy #2; (c) alloy #3;
and (d) alloy #4.

4. Conclusions

(1) This study provides a new way for grain refinement of Fe-Al-Cr alloys and a new idea for
commercial application on a large scale. In this study, FeCr(o) phase was obtained in the
Fe-Al-Cr alloys, which had grains of several microns and was coherent and coplanar with the
matrix (Fep AlCr).

(2) o phase nucleated in austenite. The nucleation of ¢ phase in Fe-Al-Cr alloys is controlled by the
ratio of nickel to chromium. When the Ni/Cr (eq) ratio of alloys is more than 0.19, o phase can
nucleate in Fe-Al-Cr alloys.
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(3) o phase will not decompose rapidly in a 1000 °C high temperature working environment, and it
will not dissolve into the matrix in a short time heating process.
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Abstract: The influence of temperature and strain rate on the hot tensile properties of 0Cr18AISi
ferritic stainless steel, a potential structural material in the ultra-supercritical generation industry,
was investigated at temperatures ranging from 873 to 1123 K and strain rates of 1.7 x 107#-1.7 x 1072571,
The microstructural evolution linked to the hot deformation mechanism was characterized by electron
backscatter diffraction (EBSD). At the same strain rate, the yield strength and ultimate tensile strength
decrease rapidly from 873 K to 1023 K and then gradually to 1123 K. Meanwhile, both yield strength
and ultimate tensile strength increase with the increase in strain rate. At high temperatures and low
strain rates, the prolonged necking deformation can be observed, which determines the ductility
of the steel to some extent. The maximum elongation is obtained at 1023 K for the strain rates of
1.7 x 1073 and 1.7 x 1072 s71, while this temperature is postponed to 1073 K once decreasing the
strain rate to 1.7 X 107 s~!. Dynamic recovery (DRV) and continuous dynamic recrystallization
(CDRX) are found to be the main softening mechanisms during the hot tensile deformation. With the
increase of temperature and the decrease of strain rate (i.e., 1123 K and 1.7 x 107* s71), the sub-grain
coalescence becomes the main mode of CDRX that evolved from the sub-grain rotation. The gradual
decrease in strength above 1023 K is related to the limited increase of dynamic recrystallization
and the sufficient DRV. The area around the new small recrystallized grains on the coarse grain
boundaries provides the nucleation site for cavity, which generally results in a reduction in ductility.
Constitutive analysis shows that the stress exponent and the deformation activation energy are 5.9 and
355 kJ-mol ™! respectively, indicating that the dominant deformation mechanism is the dislocations
motion controlled by climb. This work makes a deeply understanding of the hot deformation
behavior and its mechanism of the Al-bearing ferritic stainless steel and thus provides a basal design
consideration for its extensive application.

Keywords: ferritic heat resistant stainless steel; hot tensile deformation; tensile property; dynamic
recrystallization; flow behavior

1. Introduction

Ferritic stainless steels are widely used in automobile, furnace part, construction and environmental
protecting industries owing to their higher thermal conductivities, smaller thermal expansions,
better resistance to atmospheric corrosion and stress corrosion cracking, and lower cost in comparison
with austenitic stainless steels [1,2]. However, low strength and poor resistance to oxidation at high
temperatures generally limit their extensive application.
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Hot tensile property is an important performance index of heat resistant steel. Generally,
the dynamic recovery (DRV) and dynamic recrystallization (DRX) are the most softening mechanisms
during the deformation [3,4]. The microstructural reconstitution including grain refinement and
structure homogenization can be achieved, which will be beneficial to improve the high temperature
strength and toughness of the materials [5]. Of course, the microstructural evolution during the
deformation depends strongly on the deformation parameters, such as temperature and strain rate, and
thus affecting the mechanical property. Chiu et al. [6] investigated the hot tensile property of Crofer 22
APU ferritic stainless steel at the temperatures of 873-1073 K and found a remarkable drop of yield
strength between 973 and 1023 K due to the obvious DRV. In addition, the micro-alloying technique
as an efficient approach has been applied in ferritic stainless steels to improve the high temperature
property [7,8]. The solute atoms, such as Nb, Mo, Ti, and Zr, are used to enhance the high temperature
strength of ferritic stainless steels [9-11]. Moreover, W and Ce can improve their high temperature
oxidation resistance [12,13]. However, these alloying elements are commonly expensive, and it is no
doubt that they would increase the manufacturing cost of the products of ferritic stainless steels.

Recently, with the development of metallurgical technologies, it is proved that Al as a cheap
element becomes an important alternative of the alloying design for many steels. For instance,
adding a small amount of Al (~1 wt.%) in transformation induced plasticity steels (TRIPs) facilitated
the suppression of cementite precipitation, the refinement of the bainite laths and the retention of
austenite [14-16], all which would improve the strength and toughness. For high Mn steels, the addition
of Al could increase the stacking fault energy and produce short-range ordering and/or «’-carbide
precipitation [17]. In addition, Al can lead to a specific weight reduction, and a 1.3% reduction in density
was obtained per 1 wt% addition of Al [17]. Due to the addition of the large amount of Al (~10 wt.%),
a new type of steel, namely low-density steel, has been formed [18]. The strength of oxide dispersion
strengthened steels (ODSs) also increased with Al addition due to the back stress strengthening
combined with Orowan strengthening [19]. However, for ferritic stainless steels, the high temperature
properties [20], particularly in oxidation resistance [21,22], could be improved considerably by alloying
them with Al. However, the addition of Al could decrease the recrystallization temperature of ferritic
stainless steels [23], and thus resulted in untimely softening during applications at high temperatures.
Hence, the research on the hot deformation behavior of Al-bearing ferritic stainless steels is significant.
However, the studies on this aspect are limited.

0Cr18AlSi ferritic stainless steel is a potential structural material in the ultra-supercritical generation
industry. The authors’ previous results showed that this steel exhibited excellent high temperature
oxidation resistance at 1073 and 1173 K due to the formation of continuous, compact, and well-adherent
multicomponent oxide films containing Al,O3 [21]. The purpose of the present study is to investigate
the hot tensile deformation behavior and fracture of 0Cr18AlSi ferritic stainless steel. Effects of
temperature and strain rate on the tensile properties and microstructural evolution are analyzed in
detail. The results provide a reasonable evidence for the materials design and applications of Al-bearing
ferritic stainless steels.

2. Materials and Methods

The 0Cr18AlSi ferritic stainless steel used in this study was prepared by melting high-purity
elements in a vacuum induction furnace with an argon atmosphere. Its composition is as follows
(wt.%): C0.09, Cr 18.4, A11.05,5i 1.01, Mn 0.75, P 0.017, S 0.001. The ingots were first forged at 1423 K,
and then hot-rolled at 1323 K to 8 mm thick strips in a laboratory hot-rolling mill. The strips were
annealed at 1123 K for 40 min in a resistance furnace, followed by quenching in water.

The tensile specimens with 