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Martin Malý, Christian Höller, Mateusz Skalon, Benjamin Meier, Daniel Koutný, 
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Preface to ”Progress in Metal Additive Manufacturing

and Metallurgy”

Research in the additive manufacturing (AM) of metals has witnessed a dramatic rise in global

attention during the past decade. Some AM processes have evolved from conventional welding

processes, while others, such as powder bed fusion processes, have been developed with the specific

intent of enabling the manufacture of complex 3D geometrical objects. One key feature of all AM

processes is that material is only added where it is really needed, thereby permitting near net shape

manufacture utilizing starting feedstock in powder or wire form, with virtually no residual material

waste if all the unmelted material can be fully recycled.

The distinct heating–cooling cycles associated with various AM processes result in different

as-built microstructures and varying types of defects which are additionally governed not only

by the used process parameters but also by the geometry of object(s) being built as well as

by the local environmental conditions prevailing during processing. Consequently, in-process

monitoring of different parameters is important to understand the process parameter–microstructure

relationships during layer-on-layer manufacturing. For low-stressed, statically loaded components,

the microstructure determines the average mechanical properties. However, for cyclically loaded

critical parts, like aeroengine or turbine components, defects limit the lower bound of the mechanical

properties and are, therefore, a major concern as they restrict the loading conditions during operation.

In view of the above, post-build treatments, like hot isostatic pressing (HIP) that can minimize

certain types of defects like porosity, can become relevant, depending on the material and AM

process in question. Other in situ/post-build treatment/hybrid solutions have also been considered,

such as inducing residual compressive stresses in built material to reduce the influence of surface

topography/defects/residual stresses on properties. From an implementation standpoint, the final

quality of finished parts also needs to be ascertained using appropriate non-destructive evaluation

(NDE) methods, which represent an area under active development.

It is thus apparent that AM involves a complex manufacturing chain spanning a number

of different expert competences that have to be coordinated appropriately to enable successful

economical serial production of AM components. Since such a complex knowledge chain is

challenging for any single organization to internally complete, establishing collaborative networks

that stitch together complementary competences is often a key enabler.

This Special Issue intends to address the latest progress in various facets of metal AM that

constitutes the entire value chain. I therefore hope the AM-related focus of this Special Issue will

be of interest for a broad audience—researchers as well as companies—engaged in AM.

Robert Pederson

Editor
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Abstract: Additive manufacturing has revolutionized the manufacturing paradigm in recent years
due to the possibility of creating complex shaped three-dimensional parts which can be difficult
or impossible to obtain by conventional manufacturing processes. Among the different additive
manufacturing techniques, wire and arc additive manufacturing (WAAM) is suitable to produce
large metallic parts owing to the high deposition rates achieved, which are significantly larger than
powder-bed techniques, for example. The interest in WAAM is steadily increasing, and consequently,
significant research efforts are underway. This review paper aims to provide an overview of the most
significant achievements in WAAM, highlighting process developments and variants to control the
microstructure, mechanical properties, and defect generation in the as-built parts; the most relevant
engineering materials used; the main deposition strategies adopted to minimize residual stresses
and the effect of post-processing heat treatments to improve the mechanical properties of the parts.
An important aspect that still hinders this technology is certification and nondestructive testing of
the parts, and this is discussed. Finally, a general perspective of future advancements is presented.

Keywords: wire and arc additive manufacturing; additive manufacturing; microstructure; mechanical
properties; applications

1. Introduction

Additive manufacturing is nowadays one of the hot topics in the manufacturing and engineering
worlds. The ability to create three-dimensional, complex, and near-net shape parts in a layer by layer
deposition process is currently a major driving force for major breakthroughs. These breakthroughs
are observed either in the process itself, by developing process variants with dedicated purposes to
increase capabilities, but also on the materials used, since the non-equilibrium solidification conditions
which occur during fusion-based additive manufacturing can lead to microstructural features not often
found in conventional materials manufacturing processes.

Currently, additive manufacturing processes based on fusion are mostly focused on powder-bed
systems using laser and/or electron beams as heat sources. Despite very high precision dimensional
tolerances achieved with these techniques, the deposition rate is low, increasing lead times.
Additionally, using powder as the feedstock materials makes the process more prone to the formation
of defects such as pores, which can hamper the structural integrity of the parts, especially during
dynamic solicitation conditions. Wire and arc additive manufacturing (WAAM) uses an electric
arc as the heat source and a solid wire as the feedstock material. Though the precision of the
as-built parts may be lower than those obtained using powder-bed systems, the depositions rates
are significantly higher, allowing to manufacture large metallic structural parts in short times.
WAAM is currently being embraced by both academia and industry owing to the advantages of
the technique. Therefore, several research papers have been dealing with fundamental aspects

Materials 2019, 12, 1121; doi:10.3390/ma12071121 www.mdpi.com/journal/materials1
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associated with the process and its effects on the material’s microstructure and mechanical properties.
Additionally, some applications are already making use of parts built by WAAM, showing the viability
of this process. This review paper intends to provide an overview of the major developments in
WAAM, covering important topics, such as process variants, materials for WAAM, development of
residual stresses, and post-processing heat treatment, as well as non-destructive testing. This review
finalizes with current applications based on WAAM parts and a summary of areas where additional
research efforts need to focus.

2. Wire and Arc Additive Manufacturing (WAAM) Process and Variants

WAAM is classified in the category of direct energy deposition according to ASTM F2792-12a [1],
and is defined as the combination of an electric arc used as a heat source, and a wire employed as
a feedstock material. The process is schematically represented in Figure 1. WAAM relies on the
fundamental concepts of automatized welding processes, such as: gas metal arc welding (GMAW) [2],
plasma arc welding (PAW) [3], and gas tungsten arc welding (GTAW) [4].

In the past years, WAAM has had different designations, such as rapid prototyping (RP),
shape welding (SW), shape melting (SM), solid freeform fabrication (SFF), shape metal deposition
(SMD), and even 3D welding [5].

Figure 1. Schematic representation of the wire and arc additive manufacturing (WAAM) process
(adapted from [6]).

From the existing arc welding processes, GMAW, also known as metal inert gas (MIG)/metal
active gas (MAG), is the most used process in WAAM. GMAW is a fusion-based arc welding process
where the arc is established between the tip of a consumable wire and the workpiece under the
protection of an inert or active shielding gas that also protects the weld pool and adjacent material.
Deposition rates range from 15 to 160 g/min using GMAW in additive manufacturing, depending on
the deposited material and process parameters, making it ideal for the production of large-scale parts
in short time spans [7–9].

The other two arc welding processes are GTAW and PAW. These have some similarities, since they
both use a non-consumable tungsten electrode to establish an electric arc with the workpiece under
an inert shielding gas without filler material. GTAW was one of the first arc welding processes that
became widespread due to its high precision with almost no defects, since the electric arc is very
stable [10]. However, for WAAM it needs external filler material. PAW is a high energy-density process,
where the arc is forced to pass through an orifice placed between the cathode and anode that constrains
the arc, resulting in an increased arc stability. Through the use of a mostly inert, plasmogenic arc,
a highly localized ionized plasma forms with very high temperatures and energy. Thus, it is considered
a high-density energy process with energy densities lower than those obtained by high power beams
as a laser [11], but higher than other electric arc processes. The heat affected zone (HAZ) of PAW
beads is narrow and thin, allowing for better control of weld bead geometry due to the increased
flexibility for independently controlling the most important process parameters: current and wire
feed speed [12]. By varying the plasma gas flow rate, torch orifice diameter, and current intensity,
it is possible to achieve different operating modes in PAW namely microplasma, medium current,

2



Materials 2019, 12, 1121

and keyhole plasma. Microplasma is characterized by requiring low welding currents, between 0.1 and
15 A. This welding technique, when applied to additive manufacturing, presents major advantages
regarding the total wall width (TWW) by allowing the production of thin parts with TWW values
as low as 2 mm. Though deposition rates are low, about 1.0 g/min [13], when compared to other
arc based processes, the low heat input allows for good surface finish. The most commonly used
operation mode in PAW is medium current, with the current typically ranging from 15 to 200 A.
This operation mode has very similar characteristics to GTAW, but the plasma confinement makes the
arc stiffer and less sensitive to torch stand-off variations. Wall width varies from 4 to 15 mm and the
deposition rate can be as high as 30 g/min [3,7,14]. Keyhole mode is characterized by high penetration,
making it unsuitable for additive manufacturing, since it fully melts the previously deposited layers
compromising the wall stability and geometric accuracy.

Electric arc-based welding, in general, can be complex since several process parameters must
be controlled to have a good quality of the final parts. Process parameters include: current intensity,
voltage, shielding gas type and flow rate, contact-tip-to-work distance, wire feed speed, travel speed,
and torch angle. Thus, for each equipment and materials involved, these have to be optimized.
The right selection of parameters affects the transfer mode, which is very important to determine bead
width, penetration and size, deposition rate, and surface roughness.

In the pursuit for a better and more stable process to control molten metal deposition with
reduced heat input, a variant of GMAW, known as cold metal transfer (CMT), has been adapted
to additive manufacturing. It is an advanced material transfer process in which an incorporated
control system detects when the electrode wire tip contacts with the molten pool, and by activation
of a servomotor, retracts the wire in a push and pull electromechanical process, to control droplet
transfer. Variants of cold metal transfer include CMT pulse (CMT-P), CMT advanced (CMT-ADV),
and CMT pulse advanced (CMT-PADV), which have been developed by Fronius [15]. When optimized,
cold metal transfer is suitable for application in Ti-based alloys [16].

Another variant is tandem GMAW, in which two wires are fed into the melt pool in order to
achieve high deposition rates (160 g/min) [9,17]. Nevertheless, this method requires a high amount
of energy to maintain the arc, so some improvements that enhance heat dissipation are required to
control the molten pool shape.

Arc welding-based technologies have been successfully used for additive manufacturing
applications, especially because there is considerable knowledge accumulated on process, welding
metallurgy, and mechanical performance of welded parts. However, in WAAM there are issues which
still need research, such as determination of optimum torch path planning to obtain fully dense parts
with minimized residual stresses, control of microstructural evolution during multiple layer deposition,
and effect of temperature between layers, among others. Some research groups have developed new
process variants to mitigate some of the above-mentioned issues, namely by applying mechanical
deformation between layers or active heating and cooling, for example.

2.1. WAAM Process Variants

2.1.1. Cold-Work Based Techniques

High pressure inter-layer rolling is a cold-work process variant developed at Cranfield
University [18]. It consists of imposing a load of up to 100 kN onto a roller traveling over the
already existent deposited layers, to promote plastic deformation of the surface and thus recrystallize
the grain in the following deposition. The process is schematically depicted in Figure 2.

Martina et al. [18] showed that inter-layer rolling in WAAM of Ti-6Al-4V induced prior β

grain refinement, thickness reduction of the α-phase lamellae, and an overall modification of the
microstructure from columnar to equiaxed. After these promising results, several studies have been
conducted to extract other benefits from the high pressure inter-layer rolling, particularly to control
residual stress and distortion in aluminum [19,20] and titanium [21,22] alloys. In order to strengthen
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the as-deposited WAAM material, Gu et al. [14,23] combined inter-layer rolling with a post-WAAM
heat treatment, achieving higher mechanical properties (ultimate tensile strength and elongation) with
the increase of the applied load.

Figure 2. Schematic diagram of cold rolling WAAM process (adapted from [18]).

Porosity is a recurrent problem in WAAM, particularly in aluminum alloys, due to its low
hydrogen solubility in the solid-sate having a preferential location at the layer boundaries, which
causes a decrease of mechanical properties when stressed in the perpendicular direction. Inter-layer
rolling decreases porosity size and quantity with increasing rolling load, which has been claimed as
the reason for the ductility increase of WAAM-rolled aluminum alloys [24]. Roller design plays an
important role in this methodology and its geometry must be adapted according to the produced part
features (i.e., thickness) in order to achieve homogeneous grain refinement [6]. In addition, cold rolling
has also been used to control the parts width, and consequently, improve the surface finish of the final
part geometry [25]. An example of a cold rolling variant, side rolling, is depicted in Figure 3, in which
the material is strained in both longitudinal and normal directions.

Figure 3. Schematic representation of side rolling of WAAM part to enhance surface finish (adapted
from [19]).

An equally significant improvement of mechanical properties has also been made through the use
of machine hammer peening [26,27] and laser shock peening [28]. Laser shock peening was performed
laterally on 2319 post-machined aluminum parts and resulted in a decrease of average grain size by
22%, and in an increase of hardness [28]. This method, however, only had noticeable effects within the
first millimeter of the wall and the induced plastic deformation was not enough to refine the complete
wall thickness.

In summary, cold-work based techniques can significantly reduce residual stresses and distortion,
improve microstructural homogeneity and mechanical properties, reduce porosity, minimize waviness,
and increase final part geometry accuracy. However, most studies have been carried out on simple
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geometry parts and the use of this methodology may be therefore limited to specific designs.
Heavy equipment is required when cold-working is to be applied, and its usage can cause an increase
in lead times devaluing the main characteristic of WAAM: its high deposition rate.

2.1.2. Active Inter-Layer Cooling and/or Heating

The high heat inputs and consequent low cooling rates typically result in coarse columnar grains
and anisotropy. Moreover, in WAAM, by definition, the inter-layer temperature is the temperature of
the previous deposited layer just before a new one is deposited, and is of major importance on the
part’s final properties [29]. It determines the conditions of heat dissipation by conduction through the
part, directly affecting the cooling rate and consequently, the microstructure and mechanical properties.
Due to the difficulty in reducing heat accumulation, it becomes difficult to keep a low inter-layer
temperature. This type of control is not suitable since a high inter-layer temperature may only be
achieved with the use of double torch system. On the other hand, the time needed to cool down the
part to a suitable temperature may lead to a total production time impracticable with extended idle
times. Even though a high inter-layer temperature improves the wettability of the molten metal [30],
when working with high temperatures the deposition becomes unstable and may even lead to the
collapse of the wall. In a first approach, the inter-layer temperature can be controlled by imposing
an interlayer idle time which can be optimized with the simulation of thermal behavior during part
production using finite element models [29].

The utilization of process add-ons to control thermal cycles has already been tested, using
compressed CO2 gas to impose a forced cooling. This promising development in WAAM of Ti-6Al-4V
presents benefits including: better surface finishing with less oxidation, refined microstructure,
improved mechanical properties, and enhanced manufacturing efficiency [31].

Another alternative to control the thermal cycles in WAAM, is using thermoelectric cooling.
Figure 4 depicts this approach. Heat sinks by conduction to the side walls, enabling similar heat
dissipation conditions throughout the full deposition. Additionally, this technique allows the control
of the bead geometry, decreasing the surface waviness by about 60% and the total fabrication time can
decrease by nearly 60% as well [32], since a continuous heat dissipation condition is achieved without
adjusting process parameters.

Figure 4. Representation of thermoelectric cooling setup (adapted from [32]).

While the previous technique envisaged to cool down the temperature interlayers, for some
materials and applications it may be of interest to have a quasi-isotropic material with minimum
residual stresses without post processing heat treatment. In this case, an innovative method was
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developed to mitigate residual stresses consisting of an inductor with two symmetrical coils mounted
on both sides of the as-built part, as schematically depicted in Figure 5 [33]. The inductor can
perform both pre-heating and post-heating, depending on its positioning relative to the arc. In general,
this technique reduces the residual stresses and distortion of as-built parts. Moreover, this system has
the potential to overcome the inter-layer temperature issue, opening the possibility of maintaining a
constant inter-layer temperature throughout the full deposition.

Figure 5. Schematic representation of the inductor heating system (adapted from [33]).

Another process variant named hot-wire arc additive manufacturing (HWAAM) was developed
and constitutes an efficient alternative to refine the typical columnar grains in Ti-based alloys processed
by WAAM [34]. This variant consists on the use of another power source, which assists in melting the
filler material, and reducing the amount of arc heat input in a GTAW-like application. The secondary
power source has the positive pole connected to the filler wire while the negative one is connected to
the substrate. Figure 6a,b depicts a comparison between samples built with and without this process
variant. Besides a visible change in the wall geometry, due to different heat inputs, the size of columnar
β-grains decreased in the sample built by HWAAM, resulting in a mixture of short columnar grains
and equiaxed ones. This mixture promoted elongations of 12.6% and 12.8% in the longitudinal and
transversal directions, respectively, in opposition to the 23% and 9.17% obtained with conventional
WAAM, thus, confirming the appropriateness of this method to produce isotropic parts.

Figure 6. Macrostructure of samples produced: (a) with secondary heat source and (b) without
(adapted from [34]).

Localized heating/cooling mechanisms have shown promising results to reduce the interpass
temperature that can cause parts to collapse and induce a heat treatment on previously deposited layers.
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Moreover, with only a constant interpass temperature it is possible to achieve more homogenous
properties. However, this is a field where more research is necessary to manufacture parts with
accurate pre-designed microstructures.

2.1.3. Pre-Heating of the Substrate

Pre-heating the substrate is one of the most efficient methods to mitigate residual stresses
and cracking, since it reduces thermal gradients and homogenizes temperature distribution.
Alberti et al. [35] compared depositions performed with and without pre-heating at a temperature
of 300 ◦C in a PAW additive manufacturing process, and observed that pre-heating increased the
wettability of each layer and enhanced the regularity of wall thickness, decreasing surface waviness.

It is known that in WAAM, the width in the first layers is significantly less thick than the
remaining layers due to a rapid cooling rate, which is caused by the large area of the substrate and its
initial temperature. With pre-heating of the substrate, heat conduction decreases and heat losses are
minimized, resulting in smaller temperature gradients.

Figure 7 presents the temperature gradients with the increase of layer height. The benefits of
pre-heating the substrate on the first layers with a heat input of 570 J/mm is visible. The maximum
temperature gradient in the first layer without pre-heating is 3.82 × 105 ◦C/m and reduces to 3.63 × 105,
3.40 × 105, and 3.12 × 105 ◦C/m with a pre-heating of 200, 400 and 600 ◦C, respectively. In addition,
the temperature gradient decreases with the increase of deposited layers. Besides reducing the
temperature gradients and achieving a smoother thermal cycle on the firsts layers, other benefits
include reduced thermal stresses and cracking susceptibility [36].

Figure 7. Temperature gradients variation from the first to the tenth layer (adapted from [36]).

2.1.4. Substrate Release Mechanisms

Usually, the substrate has a composition similar to that of the material being deposited, supporting
adhesion and stability. Even though novel design approaches consider the substrate as a part of the
final component [37], Haselhuhn et al. [38] tested several ways to easily remove the produced parts
from the substrates, reducing material waste. The authors evaluated the energy necessary, by the
Charpy impact test, to remove aluminum parts by spray-coating aluminum oxide (18.50 μm thick),
boron nitride (5.95 μm thick), and titanium nitride (6.25 μm thick) on an aluminum substrate. Each one
was seen to assist in substrate parts removal, but there was not any statistical difference between
the adhesion strength. Additionally, the effect of deposit on the first layers without shielding gas
and with reduced voltage and current, in order to decrease weld penetration, was also investigated.
The authors concluded that the arc instability caused by the lack of shielding gas reduced weld
bead penetration. Finally, the effect of using dissimilar materials to promote the formation of brittle
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intermetallics between parts and the substrate was evaluated. According to the summarized results
presented in Figure 8, the authors observed that the formation of intermetallics and the non-use of
shielding gas in the first layers decreased the energy required to remove the parts produced from
the substrate. This can be attributed to the mechanical properties of the intermetallics and the oxides
formed by the inexistence of shielding gas, which tends to require lower amounts of energy to fracture,
hence facilitating detachment between the substrate and the as-build part. In future works it is
necessary to assess whether these mechanisms can be used for large-sized parts.

Figure 8. Impact energy test results of the samples built with different strategies and coatings (adapted
from [38]).

2.1.5. Shielding Mechanism

Shielding gas is one of the most influent parameters, since it affects bead geometry, process
stability, transfer mode, and bead appearance [39]. Besides its right selection, other methods have been
used to improve WAAM parts quality. Xu et al. [40] studied the effect of oxides on the mechanical
properties of maraging steel by varying shielding conditions. Results were obtained by making one
deposition in the open atmosphere with pure argon, and the other in an argon-filled tent (chamber),
in which the oxygen level was controlled below 300 ppm. Extra tent shielding substantially improved
the surface waviness and deposition efficiency by 37% and 9%, respectively.

Gas shielding flow was found to be of remarkable importance regarding wall appearance. In a
preliminary study [39], the effect of gas shielding flow in WAAM was analyzed, since turbulence flow
caused the shielding gases to mix with the surrounding air, resulting in poor shielding conditions and
increased atmosphere contamination that can lead to oxidation. A new device (Figure 9) consisting
of three distinct parts was developed to achieve laminar flow of the shielding gas. The first part is
a diffusion chamber that uniformly distributes the inlet gas, the second is a honeycomb wall that
straightens the flow and reduces its lateral velocity, and the last part, at the end of the chamber,
is a layer of metal mesh used to further improve the uniformity of the flow. Overall, this new device
decreased the level of contamination up to three orders of magnitude.
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Figure 9. (a) Setup of the WAAM trailing shield device; (b) schematic representation of the shielding
device (adapted from [39,41]).

As it can be observed, there are currently several impactful WAAM variants, all aiming to create
parts with better mechanical properties and tolerances, and to reduce the need for post-processing
techniques (machining and/or heat treatments). The abovementioned recent development shows
the great activity and interest that WAAM is attracting, not only from academia, but also from the
industry. Obviously, that focus cannot only be paid to the process variants in WAAM. The materials to
be processed also play a critical role, and due to the vast possibilities of materials that can be used in
WAAM, the same process variant may have different effects on the microstructure and/or mechanical
properties of the parts. The following section is dedicated to the most recent developments regarding
the different materials used in WAAM.

3. Materials

During parts fabrication, the deposited material undergoes various heating and cooling cycles that
may result in different grain structures along their height. Grain structure control is of major importance
since it determines the material mechanical properties. Typically, WAAM parts comprise large
columnar grains, formed by epitaxial growth from the substrate aligned along the buildup direction
normal to the solid/liquid interface, which has the maximum temperature gradient, thus eliminating
the need for nucleation sites [42]. This type of growth results in anisotropic properties, which can be
detrimental for multi-axial loading conditions. Equiaxed grains are desirable since they can reduce
crack susceptibility while improving ductility, resulting in components with (near) isotropic properties.
Thus, the use of add-ons that can perform in-process heat treatments, as well as post-WAAM heat
treatments, is essential. Another practice to control the microstructure is the use of inoculants to refine
the grain structure. A deep understanding of the mechanisms of nucleation with inoculants and grain
growth, as well as the challenges for its use in additive manufacturing, is well described in [43].

Generally, any material available in the form of welding wire can be used for WAAM. The most
used ones are steel, aluminum, titanium, and nickel-based alloys. Ti-based and Ni-based alloys are
increasingly being studied due to their welcomed adoption by the aerospace industry. Thus, the desire
to mature this process for its adoption into mass production of aerospace components comes from
the ability to produce large parts with a low buy-to-fly (BTF) ratio. Other characteristics include,
high specific strength, thermal and electrochemical compatibility with advanced composite materials,
and the cost associated with applying subtractive methods onto these materials.

One of WAAM advantages is the possibility to process a vast range of materials, therefore the
present section reviews recent results, challenges, applications, and key details of the most commonly
used metallic alloys for WAAM.
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3.1. Titanium-Based Alloys

Titanium-based alloys are increasingly being study in WAAM, allowing for a reduction in the
high costs associated with processing these materials. Ti-based alloys have high strength, toughness,
good corrosion resistance, and can tolerate extreme temperatures without significant loss of mechanical
properties, making them suitable for aerospace and biomedical applications [44]. Ti alloys represent
around 15% of the total weight of the Boeing 787 [45], owing to its electrochemical compatibility with
carbon fiber polymer composites.

Amongst the different additive manufacturing processes, WAAM allows for a better control of
the microstructure of these polymorph alloys, since these materials are highly sensitive to the thermal
history. Ti-6Al-4V is the most used Ti alloy and consequently the most studied in WAAM. Typically,
it is constituted by two phases, a hexagonal close-packed structure (hcp), α, and a body-centered
cubic (bcc), β. The different temperatures and cooling rates result in microstructure variations through
the parts height. The most common microstructure comprises fine acicular or Widmanstätten colony
and basket weave lamella-α morphologies [46]. Columnar β-grains from prior layers with grain
boundary-α [47] are also prominent undesired features, causing premature failure in transverse loading
solicitations [46,48]. This columnar structure is difficult to avoid since in low concentrations, aluminum
and vanadium have a high solubility in titanium and do not partition ahead of the solidification front,
becoming irrelevant as grain refiners [49]. Although the β grains transform to fine α during cooling
below the β-transus temperature, primary β grains can still have a detrimental impact on mechanical
properties [50].

Wang et al. [12] manipulated process variables to refine the poor primary β grains of Ti-6Al-4V in
pulsed-GTAW, concluding that the peak/base current ratio and pulse frequency had no significant
effect. However, equiaxed grains were achieved with a higher wire feed speed, since more nucleation
sites were provided, blocking the columnar growth.

From the previously described process variants, interpass rolling [51] showed to be a suitable
process to mitigate the typical anisotropy of additive manufacturing parts including Ti-6Al-4V parts.
Figure 10 depicts different electron backscatter diffraction (EBSD) orientation maps of both the α-phase
and reconstructed β grain structures prior to transformation in an unrolled sample, rolled sample with
50 kN, and rolled sample with 75 kN. The β grains are represented by the color red. Reconstruction
of prior β structures is often used to index this phase, due to its small scale and low volume fraction.
The unrolled sample exhibited a β-phase with a strong preferential <001> crystallographic direction,
and with columnar grains visible in both maps. When rolling was applied, new β orientations,
associated with the deformation of α laths, were created and a strong columnar texture was mitigated.
In a recent study, these new β orientations were found to arise from twinning with the residual β [52].
Another key effect observed was the refinement effect induced by the interpass rolling applied to
the WAAM deposits: by increasing the applied load the grains become more refined, resulting in an
improvement of the material microstructure.

The common anisotropy of additive manufacturing parts and potential presence of undesired
phases can significantly reduce mechanical properties in both build up and transversal directions,
urging the need to control the microstructure during fabrication. Potentially nucleant particles are
being used in WAAM to refine the microstructure and enhance mechanical properties of Ti-based alloys.

By adding boron traces (up to 0.13 wt.%), Bermingham et al. [53] demonstrated the effectiveness of
inoculants in eliminating the anisotropic microstructures of Ti-6Al-4V. Boron had a significant impact
on β-grain morphology and TiB needles were formed. These particles were found dispersed in the
microstructure, allowed to nucleate α-grains, and produced isotropic α-microstructures. The boron
modified alloy exhibited an increase of 40% in the failure strain, with the average failure stress
maintaining around 850 MPa.

Mereddy et al. [54] added up to 0.41 wt.% of carbon in Ti-6Al-4V parts. The β-grain density
increased while the α-lath length decreased. Carbon is an effective refiner in Ti alloys with
hypereutectic compositions since it nucleates TiC particles. However, for hypoeutectic compositions,
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refinement is a result of the segregation of carbon solute, decreasing solidification temperature,
and generating constitutional supercooling and growth restriction. The mechanical properties of
as-built samples with and without carbon additions, with a small amount of carbon (0.03 wt.%),
medium amount (0.1 wt.%), and excessive amount (0.41 wt.%), are illustrated in Figure 11. Sample built
with 0.41 wt.% of carbon formed large carbides which significantly deteriorated the mechanical
properties, while the part built with a medium amount of carbon had an increased strength and
ductility of 9% and 30%, respectively.

Figure 10. Electron backscatter diffraction (EBSD) maps of the α-phase (a–c) and reconstructed
β-parent phase (d–f) of samples produced without rolling and with rolling loads of 50 kN and 75 kN
(adapted from [51]).

Figure 11. Effect of carbon additions on Ti-6Al-4V mechanical properties (adapted from [54]).
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Similarly, the same authors added silicon to a commercially pure titanium wire, promoting
refinement of the grain size, particularly on the prior β grains [55]. Silicon, however, did not fully
eliminate columnar grains. Instead they became narrower with a similar length to those of silicon-free
samples. Overall, silicon promoted supercooling and growth restriction, but further refinement might
only be possible with additional powerful refiners.

3.2. Nickel-Based Alloys

Nickel-based alloys are a class of materials mostly used in the aerospace and nuclear industries,
for instance in transition ducts and gas turbines. These alloys are characterized by high strength at
elevated temperatures, low thermal expansion, and excellent corrosion resistance. Their common
austenitic matrix makes them suitable to operate within a wide range of temperatures. High costs,
ability to adhere to cutting edges, and the presence of abrasive carbide particles makes Ni-based
alloys difficult to machine, so WAAM becomes a viable technique to eliminate the material waste and
consequently the overall costs associated with processing of this alloy. Upon solidification, Ni-based
alloys may exhibit the following: solidification cracking [56], liquation cracking [57], ductility-dip
cracking [58], and strain-age cracking [59]. Hence, special care must be taken during WAAM of
these materials.

Typically, Ni-based alloys, such as Inconel 625 and Inconel 718, have high concentrations
of alloying elements that can segregate during solidification in the interdendritic spaces.
Moreover, their mechanical properties are highly governed by the Laves phase, and its morphology
is dependent on thermal history which consequently affects the parts final properties. Inconel is a
solid-solution-strengthened nickel-based superalloy, that with the addition of substitutional alloying
elements, such as Cr and Mo, provides nucleation sites and the preservation of austenite once cooled.
Other phases commonly found in Inconel that are used for strengthening effects, include γ′ phase
[Ni3(Al, Ti, Nb)], γ” (Ni3Nb, ordered bct D022 structure), and blocky MC carbides. Nevertheless, the
mechanical properties of Inconel alloys can decrease with the formation of undesirable phases, such as
the δ-phase (Ni3Nb, orthorhombic) [60].

Inconel 625 parts manufactured by WAAM consist of vertically columnar dendrites in an austenitic
phase (γ) matrix [61]. Solidification started with the L to γ reaction, and Nb and Mo precipitated
in the interdendritic and grain boundaries where Laves phase will precipitate. With the increase of
height during build up, the primary arm spacing varied from 13 μm, 23 μm, and 35 μm, from near the
substrate, in the middle section, and in the top region, respectively. It obtained an average ultimate
tensile strength of 722 ± 17 MPa and 684 ± 23 MPa in the travel and build directions, respectively.
As for the elongation, 42.27 ± 2.4% and 40.13 ± 3.7%, respectively, were obtained. Fracture analysis
revealed a ductile morphology with dimples. The shielding gas also played an important role on
the final mechanical and geometrical properties of Inconel 625 parts. The ultimate tensile strength
increased by 50 MPa when 97.5% Ar and 2.5% CO2 as shielding gas was used [62].

Plasma arc-based WAAM was used to investigate the properties and microstructure of Inconel
718 superalloy in three conditions: as-built, with interpass rolling, and rolled with heat treatment
in agreement with AMS-5662M [63]. The as-built samples exhibited the typical dendritic structure
with Laves phase aligned with the build direction. The rolled samples showed refined grains near the
boundaries of the produced walls with a recrystallized core in the central region. When solution plus
aging heat treatments were applied, some of the Laves were dissolved and allowed to homogenize
the distribution of the secondary phase particles. By X-ray diffraction, the δ phase was noticed after
solution plus aging treatment of the rolled sample. However, its presence was not found in the wrought
alloy. Laves phase, residual Laves phase, and δ phase precipitates of a rolled sample are depicted in
Figure 12. Even tough rolling induced recrystallization, and columnar grains were still observed in
some regions of the as-built samples, falling short to the wrought alloy. Consequently, the hardness
was not homogenous along the wall thickness. Moreover, with the solution treatment, Nb did not
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completely diffuse and consequently Laves did not fully dissolve, suggesting the need for higher
temperatures and/or longer periods for the heat treatment to be effective.

 
Figure 12. Precipitates found under SEM of the rolled with heat treatment sample (green: residual Laves
phase, yellow: δ phase, purple: nanoscale precipitates along grain boundaries) (adapted from [63]).

Table 1 presents the mechanical properties obtained for the as-built and rolled samples with and
without heat treatment. With heat treatment, the average ultimate tensile strength was increased by
around 284 MPa and 232 MPa more than the as-built samples, and by 266 MPa and 284 MPa more
than the as-rolled samples in the longitudinal and transversal direction, respectively. Therefore, it was
concluded that a significant improvement in the mechanical properties of Inconel WAAM parts
can be achieved through proper heat treatment schedules and by paying special attention to the
post-processing of these materials.

Table 1. Mechanical test results of Inconel 718 parts in the longitudinal (Long.) and transversal (Trans.)
directions (adapted from [63]).

Process
YS 0.2% (MPa) UTS (MPa) Elongation (%) Hardness

(HV)Long. Trans. Long. Trans. Long. Trans.

As-built
unrolled 525 ± 7 506 ± 2 818 ± 13 756 ± 7 33.3 ± 2.5 27.9 ± 1.3 259 ± 8

75 kN rolled 763 ± 8 687 ± 1 1082 ± 13 1072 ± 6 26.2 ± 2.2 26.6 ± 1.3 330 ± 19

Solution
treated

unrolled 790 ± 9 791 ± 14 1102 ± 78 988 ± 6 14.7 ± 1.3 12.8 ± 1.2 417 ± 16

75 kN rolled 1057 ± 19 1035 ± 20 1348 ± 10 1356 ± 10 15.1 ± 3.3 17.4 ± 1.1 443 ± 18

Xu et al. [64], evaluated the effect of oxides and different types of wires on the final properties
of Inconel 718, since this alloy is known for its oxidation-assisted crack growth mechanism at high
temperatures [65]. An oxide layer of Al2O3 and Cr2O3 with 0.5 μm thickness at the top layer was
noticed, thus confirming that oxides do not accumulate during parts fabrication. By comparing
different wires, differences of up to 50 MPa in the ultimate tensile strength were possible due to
differences in chemical composition and uncertainties in TiN particles, which acted as nucleation sites.

Improvements in superalloys might only be achieved with thermomechanical processing.
Even though Nb can diffuse, and consequently eliminate, Laves phases at interdendritic areas with
heat treatment, the common large columnar grains will only coarse. Therefore, it is crucial to control
Nb segregation and Laves formation in situ, since it depletes the matrix of useful alloying elements,
or use of cold-work based techniques [66].

Another alloy of interest from the Ni-based group is Monel. These alloys, mainly composed
of nickel and copper, are characterized by their high strength and excellent corrosion resistance at
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high temperatures, and are used in a wide range of aerospace applications. The ability to withstand
corrosive environments makes them suitable for marine applications. Monel K500 and FM 60 were
tested by means of cold metal transfer. The secondary dendrite arm spacing was smaller for the
Monel K500 (4–9 μm) than for the FM 60 (6–12 μm), due to a higher precipitation of TiCN in Monel
K500, which delayed dendrite growth. Energy dispersive X-ray spectroscopy (EDS) results showed
segregation of Cu for both alloys, due to differences in the melting point of Ni and Cu, and the difficult
diffusion of Cu in Ni. Precipitation of Ti-rich particles is essential to achieve superior mechanical
properties and their density can increase with the use of inoculants.

3.3. Steels

Steels are easily acquirable ferrous alloys widely used in automotive, ship, construction, and gas
industries that, in combination with WAAM, can be used to manufacture parts with an overall low
cost. However, some authors [67] claim that the production of these low-cost alloys by WAAM is only
viable for large parts with complex geometries. Among steels, stainless steels have found applications
in chemical plants and nuclear industries, where parts with high heat and corrosion resistance are
required (e.g., pressure vessels). Austenitic stainless steel, such as SS 304 [68], SS 308LSi [69], and SS
316L [70,71] have been successfully used in WAAM, as well as martensitic stainless steel 420 [72].

Chen et al. [62] reported that 316 parts of stainless steel presented both austenite (γ), delta-ferrite
(δ), and sigma (σ) phases with different morphologies at various positions as a result of the thermal
cycles experienced during build up. After the fourth consecutive layer, the microstructure was
composed of fine vermicular δ and σ phases within the γ matrix. With the increase of the parts’ height,
the volume of σ increased, resulting in a decrease in strength and elongation. To avoid this phase,
thermal cycles should be controlled to avoid long residence times between 600 and 900 ◦C.

The feasibility to produce high nitrogen Cr-Mn stainless steels was shown by Zhang et al. [73],
where parts were mainly composed by dendritic δ-ferrite and columnar austenite, γ, with the existence
of some CrN and Cr2N inclusion islands. The presence of oxygen in the shielding gas resulted in
the formation of Mn-based oxides, which were found to be detrimental to the mechanical properties.
Moreover, during post processing heat treatments the low solubility of nitrogen in δ-ferrite induced the
formation of CrN and Cr2N in the nitrogen supersaturated regions. Due to the relatively high energy
surfaces between the matrix and inclusions, Cr2N nucleated around Mn oxide inclusions, as observed
in Figure 13. In conclusion, this material has shown to be deposited very effectively by WAAM with
nearly isotropic characteristics due to a stable austenite matrix, while the presence of nitrogen had a
work hardening effect.

 
Figure 13. Cr2N precipitations around the inclusion island after heat treated at 1100 ◦C for 30 min
(adapted from [73]).

The feasibility of WAAM to process steel tool production was demonstrated in H13 steel [74].
The results presented in this investigation suggest that the significant differences in properties along the
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part’s height are due to a different thermal history. The hardness varied between 300 and 360 HV and
near-isotropic parts were obtained after annealing at 830 ◦C for 4 h. Average values of ultimate tensile
strength and elongation were respectively, 1085 MPa and 10% for horizontal specimens, and 871 MPa
and 7.8% for vertical ones.

Maraging steels are a class of superior steel with high mechanical strength attributed to
the presence of intermetallic compounds such as Ni3Mo, Ni3Ti, Fe2Mo, and Fe7Mo6. The aging
temperature of maraging steel is relatively low (482 ◦C) and since this temperature is frequently
exceeded during the process, overaging effects may occur. Using a plasma torch, Xu et al. [75] deposited
maraging steel parts that revealed a martensitic matrix with fine residual austenite. With further aging,
samples experienced an increase in the ultimate tensile strength of horizontal/vertical samples from
1118/1026 MPa to 1410/1345 MPa, while a decrease in elongation from 11.7/8.0% to 8.5/6.2% was
observed. The authors reported the importance of avoiding undesired TiN inclusions in the feedstock
material to obtain superior properties in the WAAM deposited parts.

Steels with a high carbon equivalent are more likely to experience cold cracking, a frequent
problem due to rapid cooling, hydrogen entrapment in the heat affected zone, and residual stresses.
Nevertheless, the procedures recognized to mitigate these problems in welding are intuitively
used in WAAM, including pre- and post-heating, which is settled by re-heating or re-fusion of
previously deposited material, which reduces the cooling rate, and subsequently the formation of
brittle microstructures. Therefore, the intrinsic characteristics of WAAM are beneficial to avoid the
aforementioned problems, though others may occur, such as overaging or precipitation of undesired
phases as a result of the complex thermal cycles experienced during samples build up [76].

3.4. Aluminium Alloys

Welding of aluminum alloys (AA) has always been problematic, due to the formation of an
aluminum oxide layer and solidification behavior. The use of WAAM in aluminum alloys is limited
as porosity is of major concern. Such limitations have led to some investigations on the effect of heat
treatments in WAAM Al parts. However, not every Al alloy is heat treatable. As it occurs in the
welding of aluminum, during building of parts it is also preferred to use an alternate current (AC) [77]
to remove the natural surface oxide film (alumina) which has a higher melting point. If not, melted
remains are trapped inside the molten pool, resulting in pores and internal defects, which drastically
decrease the parts mechanical properties. WAAM of Al alloys is very challenging due to the turbulent
pool dynamics caused by the periodic inversing of polarity, which can result in decreases of the
part accuracy. Other important properties regarding welding of the Al alloys include high thermal
conductivity, high coefficient of thermal expansion, high solidification shrinkage, wide solidification
temperature range, and high solubility of hydrogen [78].

Gu et al. [79] studied the influence of wire quality of final parts properties, highlighting that the
pre-existence of undesired contaminants is a major driving force for hydrogen cracking. The main Al
alloys used in the aerospace industry are 2xxx (Al-Cu) and 7xxx (Al-Zn) series alloys. However, they are
highly susceptible to hot cracking if process parameters lead to high levels of thermal stress and
solidification shrinkage. Nevertheless, Fixter et al. [80] successfully fabricated AA2024 parts without
solidification cracking. The importance of these results arise from the fact that AA2024 is an unweldable
alloy, and part production is enabled by the suitable selection of the Mg content in the feedstock wire.

Cold metal transfer (CMT) is widely accepted as the most reliable variant to process Al alloys.
However, CMT pulse advanced (CMT-PADV), developed by Fronius, was proven to entirely eliminate
gas pores, due to an oxide cleaning effect [15]. Additionally, this variant is characterized by its low
heat input and by the preservation of nucleation particles. Figure 14a,b depicts the macrostructure
of aluminum with conventional cold metal transfer and with CMT-PADV, respectively, where the
non-existence of pores with CMT-PADV is visible.
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Figure 14. Porosity presence in samples manufacture with: (a) conventional cold metal transfer; (b)
cold metal transfer-pulse advanced (adapted from [15]).

Zhang et al. [81] studied another similar power source mode named variable polarity cold metal
transfer (VP-CMT). The typical waveform is presented in Figure 15. The pulsed arc mode results
in an oscillation, that in association with alternating arc polarity changes, breaks the dendrite arms,
providing heterogeneous nucleation sites. The typical columnar grains transformed into equiaxed and
a grain refinement effect was observed. Despite isotopic grains confirmed by microscopy techniques,
only a difference of 8% in ultimate tensile strength from horizontal and vertical samples was possible,
due to the existence of interlayer pores.

Figure 15. Current wave form of variable polarity cold metal transfer mode (adapted from [81]).

The following Al-alloys deposited by WAAM have been reported in the literature: 5A06 [82,83]
Al5Si [84], AA5183 [85], Al-Mg4.5Mn [20], Al-5Mg [86], Al-6Mg [81], and Al–6.3Cu [23]. In general,
WAAM has its value in the production of Al parts, but the mechanical properties obtained are not
always superior to the ones achieved from machining a billet, and the existence of add-ons, such as
rolling, become important. The pressure applied, besides absorbing a significant amount of atomic
hydrogen, also reduces porosity. Such has been experimentally verified for a load of 45 kN, where pores
were eliminated to a level below the resolution of optical microscopy [14].

The effect of inter-layer rolling with different applied loads is clearly depicted in Table 2,
which compiles the results of the number of pores, mean diameter, area percentage, and mean
sphericity of WAAM deposited AA2319 and AA5087 alloys. Pores were completely eliminated when a
45 kN load was applied in between two consecutive deposited layers.

Table 2. Analysis results of pores for various stated WAAM 2319 and 5087 alloys [23].

Condition As-Built
15 kN Inter-Layer

Rolling
30 kN Inter-Layer

Rolling
45 kN Inter-Layer

Rolling

Alloy 2319 5087 2319 5087 2319 5087 2319 5087

Number of pores (In a
total area of 120 mm2) 614 454 192 336 5 11

Pores were
completely
eliminated

Mean diameter (μm) 13.5 25.1 12.5 13 8.8 9.6

Area percentage (%) 0.176 0.232 0.029 0.061 0.005 0.007

Mean sphericity 0.74 0.74 0.67 0.63 0.37 0.42
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It is known that inter-layer rolling can provide nucleation sites that promote grain refinement
and, depending on the inter-layer temperature, strain rate and applied load, different microstructures
and properties can be achieved. The strengthening effects of inter-layer rolling for different WAAM
deposited aluminum alloys are presented in Table 3. A linear improvement of the ultimate tensile
strength and yield stress with an increase of rolling load in both cases, but with a consequential
decrease in the elongation, is visible. Since inter-layer rolling is unable to uniformly deform beads,
differences between longitudinal and transversal still subsist.

Table 3. Mechanical properties of different aluminum alloys with different build conditions in the
longitudinal (Long.) and transversal (Trans.) directions.

Material Variation
YS 0.2% (MPa) UTS (MPa) Elongation (%)

Ref.
Long. Trans. Long. Trans. Long. Trans.

ER 2319

As-built 135 130 265 260 18.4 15.7

[23]rolled (15 kN) 146 140 270 265 15 14.8

rolled (30 kN) 185 170 290 280 13.2 11.8

rolled (45 kN) 250 245 322 310 8.6 7.3

ER5087

As-built 142 - 291 - 22.4 -

[20]rolled (15 kN) 170 - 301 - 21.6 -

rolled (30 kN) 200 - 320 - 20.9 -

rolled (45 kN) 240 - 344 - 20.1 -

The microstructure and mechanical properties of 5363 (Al-5Mg) Al alloys were enhanced by
adding titanium powder between layers [86]. Since Al3Ti and Al have similar face centered cubic (FCC)
structures, formation of nucleation sites was improved. The addition of Ti resulted in the formation of
fine equiaxed grains at the interlayer interface (Figure 16). The ultimate tensile strength and elongation
respectively increased by 20.25 MPa and 3.13% in the horizontal direction and by 25.89 MPa and
6.97% in the vertical direction. This work highlights the viability to use inoculants to act as grain
refiners during the production of Al WAAM parts in an attempt to obtain more isotropic and improved
mechanical properties.

 
Figure 16. Microstructure of 5363 aluminum alloy: (a) as-built and (b) with Ti additions [86].

Sales et al. [87] aided the deposition of AA 5183 and AA 5356 with scandium which was
responsible for the formation of Al3Sc intermetallic particles that acted as nucleation sites. The effect
of adding zirconium and scandium as grain refiners was the same as using only scandium.
The ultimate tensile strength and yield stress were increased by nearly 60 MPa in both horizontal and
vertical directions.
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3.5. Magnesium Alloys

Magnesium alloys are increasingly being used as an alternative to aluminum to reduce the overall
parts weight in the automotive and biomedical industries. Magnesium alloy advances throughout
the years were hampered due to flammability risk, but with the increased interest in Mg-Al alloys,
rare earth elements (zirconium, gadolinium, dysprosium, yttrium, neodymium and cerium), and other
additional trace elements (Ca, Sr, Sb) were added to Mg suppressing ignition susceptibility. Magnesium
is characterized by a hexagonal close-packed (hcp) structure and has few slip systems resulting in
poor ductility. Owing to its structure, several defects can occur during forging or extrusion (i.e., edge
cracking), therefore most magnesium products are processed via casting. Modified AZ31 and AZ61
are the most used Mg-alloys, however, only reports of the former processed by WAAM exists. As it
occurs for aluminum, magnesium alloys also form an oxide refractory layer, but this can be removed
easier than for aluminum. The necessity to refine magnesium structures was achieved by Guo [88]
while presenting the feasibility to manufacture AZ31 WAAM parts. Such an achievement was obtained
with GTAW technology by using six different pulse frequencies (1, 5, 10, 100, and 500 Hz), with the
corresponding microstructures depicted, in Figure 17. Samples built with 5 and 10 Hz presented higher
surface waviness, but the grain size was smaller and finer, measuring around 21 μm. The weld pool
went through resonance with these frequencies, and as a result, the cooling rates decreased enhancing
a finer structure. Sample built with 5 Hz exhibited an ultimate tensile strength of 258 MPa and an
elongation of 25.6%, while sample built with 10 Hz exhibited an ultimate tensile strength of 263 MPa
and an elongation of 23%. Overall, the samples produced indicated good plastic behavior well above
the recommended value (234 MPa) stipulated by ASTM standard B91-12 [89].

Figure 17. Microstructure of samples produced with a frequency of (a) 500 Hz, (b) 100 Hz, (c) 10 Hz,
(d) 5 Hz, (e) 2 Hz, and (f) 1 Hz (adapted from [88]).

Another already processed magnesium alloy with WAAM was the AZ91D [90], in which the
authors highlight the remelting of previously deposited layers as the major problem with processing
this materials. Furthermore, parts produced exhibited higher corrosion resistance than a cast
magnesium sample, enhanced by the formation of Al5Mg11Zn4. Therefore, WAAM can be seen
as a potential replacement of conventional casting processed in specific applications.

Rare elements are often added to Mg-based alloys. Since these are used for biomedical applications
and are very susceptible to corrosion, ways to control and improve Mg alloys, rather than rare elements,
is of major importance.

18



Materials 2019, 12, 1121

3.6. Functional Graded Materials

Besides producing bulked parts, WAAM is a suitable candidate to manufacture functional graded
materials (FGM), which are an advanced class of heterogeneous materials which exhibit a controlled
spatial variation of its properties (physical, mechanical, biochemical, among other) along at least one
direction. Moreover, the manufacture of materials with site-specific properties is also possible [91,92].
Among the different additive manufacturing processes available today, production of FGMs is possible
through binder jetting, directed energy deposition, material jetting, powder deposition, and sheet
lamination. Wire and arc techniques offer unique advantages to manufacture FGM, due to their ability
to vary the properties of the deposited material throughout deposition. The development of FGMs
via WAAM can be obtained using the following two approaches: (i) by varying process parameters,
such as wire feed speed or current; (ii) by feeding multiple wires, as schematically shown in Figure 18.

Figure 18. Schematic representation of double wire setup (adapted from [93]).

Somashekara et al. [94,95] used two separate wires with two independent power sources fitted
into one torch in order to obtain flat pieces with a gradient of properties. Experimental studies allowed
for a regression model to predict hardness as a function of torch speed and current of each wire with a
maximum error of 6.5%.

A high purity annealed iron wire (99.5 at.%) and 1080 aluminum were combined under the electric
arc of a tandem torch [96]. The content of aluminum was varied from 15 to 55 at.% every four layers
by 5% increments. Such variation resulted in a compositional gradient with different intermetallics
being formed in a variation of phases detected by X-ray diffraction. Near the substrate, specimens
showed large columnar Fe3Al grains. With the increase of Al content phase changed to B2 structured
FeAl and large columnar grains were eliminated, and when the content reached around 50 at.% FeAl2
was formed. With 36.1 at.% of Al content, an ultimate tensile strength of 315 MPa was feasible, but the
mechanical properties of the specimens started to decrease rapidly for higher Al amounts. Specimens
exhibited low ductility resulting in brittle transgranular lamellar fractures.

FGMs can potentially mitigate the issue of localized stress concentrations, as well as the
manipulation of desirable properties and phases. However, when mixing dissimilar materials,
some elements are likely to have different melting temperatures that when deposited may vaporize [97],
requiring some attention. Additionally, the formation of brittle and/or undesired compounds greatly
increases when fusion-based FGMs are being created. Therefore, it is critical to determine the range
of process parameters that allow the production of complex shaped parts, exhibiting mechanical,
chemical, or other graded property, while at the same time avoiding detrimental phases. To that
sense, the use of a thermodynamic computational approaches [98] may be of great use to achieve the
desired parts.

3.7. Other Materials and Dissimilar Depositions

Apart from the already referred alloys, other metals have been studied, such as copper-aluminum
(Cu-Al8Ni2Fe2) [70], a dissimilar deposition of stainless steel and Ni-based alloy [99], and lastly, NiAl
bronze alloys (NAB) with potential for marine applications [8,100]. Aluminum-copper (ER2319)
and aluminum-magnesium (ER5087) were fed into the same electric arc, and by adjusting the
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wire feed speed different chemical combinations were achieved (Al-3.6Cu-2.2Mg, Al-4Cu-1.8Mg,
and Al-4.4Cu-1.5Mg) [93]. The phases in Al-3.6Cu-2.2Mg were mainly α-Al and S phase and with an
increase of Cu and decrease of Mg content, θ phase gradually increased.

4. Deposition Strategy

The deposition strategy is critical in additive manufacturing processes based on fusion.
In this section, recent studies and methodologies regarding the building strategy for WAAM parts
are presented.

Currently, there are several optimized softwares that slice 3D models and consequently create a
G-code to be read by fusion deposition modeling printers. However, until now, there has not been a
clarification about all WAAM constraints (e.g., residual stresses), in order to produce parts directly
from CAD models. Kazanas et al. [101] proposed that the deposition of previous layers to occur in the
form of pyramid to avoid the formation of humps in single inclined-walls.

Another recurrent macrostructural problem occurs when every layer has the same start and end
point. The excessive heat sink at the beginning of the deposition decreases weld penetration. In
contrast, at the end of the layer, low heat dissipation due to high temperatures results in layer height
drop. The inconsistent height will accumulate along the deposited layers, precluding the process.
To overcome this issue, the current and travel speed should be higher in the beginning and reduced
gradually at the end of the deposition [102]. Another way to mitigate this problem is through the use
of a zig zag approach by switching in every layer the start and end points [103]. However, this last
method can result in zones that have thermal accumulation promoting higher residual stress at the
walls boundaries. An easy approach might be to consider these zones as sacrificial ones.

Understanding bead geometry and its relationship with process parameters to improve quality of
produced parts is of major importance during WAAM. Optimization of process parameters to obtain
better surface quality is a rather a tedious work based on trial and error methods so, Geng et al. [83]
unveiled two types of forming mechanisms named wetting and remelting, that are determined based
on the remelting width in each deposition. Furthermore, the authors developed equations of beads
cross sections based on process parameters, such as, wetting angle and radius of the spherical cap.
The adequate material input and process parameters were calculated, so that the molten metal could
spread vertically tangential to the spherical cap, improving surface waviness

Nevertheless, WAAM parts are not uniquely built by single walls, and once understood bead
geometry behavior, its then necessary to optimize torch tool path considering build orientation
selection, build sequence, design constraints and if it will be necessary to conducted post machining.
Mediocre planning may result in porosity, internal defects, lack of fusion between adjacent beads and
high residual stresses, a topic that will be further described in the next section. A method named
tangent overlapping model was proposed to approximate the bead cross-section by means of functions
(parabola, cosine and arc) [104]. An optimal distance value between adjacent beads of 0.738 times the
width of one bead was achieved in order to suppress the valleys beads.

Regarding guidelines for the decomposition of CAD models, Ding et al. [105] presented a
tool-path generation model that decomposed layers in polygons and each area was consequently filled.
This model also automatically generated a final closed-looped tool-path by minimizing start/stops
and crossovers of weld paths (Figure 19). A second approach on path planning modeling for WAAM
was advanced by Ding et al. [106] through the improvement of earlier studies [107,108]. This method,
named medial axis transformation, divides the geometry of a slice by producing a set of bisector
segments. When more than two segments connect, those points become branch points and the paths
will be generated by recursively offsetting contour-clockwise around the segment that connects two
branch points as depicted in Figure 20.
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Figure 19. Convex polygonal method [105].

Figure 20. Schematic representation of the adaptive medial axis transformation planning method
(adapted from [109]).

A path strategy regarding the manufacturing of 90◦ walls is presented in Figure 21 [110]. In order
to assure a constant height for each layer, the strategy consisted in that after every fourth layers made
with the first strategy (Figure 21a), the second deposition strategy (Figure 21b) was employed. Since one
of the applications of WAAM is the fabrication of shell-part types, these successful developments are
important, as they allow the production of smooth fillets of T-type structures.

 
Figure 21. (a) First deposition strategy; (b) second deposition strategy; (c) final part made (adapted
from [110]).

Other studies were performed to improve WAAM walls appearance, create T-type connections,
and construct acute angles by adjusting the vertical distance and angle of the feed wire in a
GTAW-based application. According to [82], an optimized angle of 10◦ with a distance of the melting
wire tip to the molten pool surface of 3.8 mm guaranteed smooth layers. In a recent development,
the influence of three different deposition building strategies (oscillation, parallel, and weaving) on
surface waviness and porosity of maraging steels was studied [111]. Weaving deposition strategy,
depicted in Figure 22, resulted in lower surface waviness and pores with reduced contact angle.
In addition, Ma et al. [112] used weaving as a replacement for the multi-bead overlapping strategy
to obtain better surface flatness, which required less post-machining, thus decreasing the associated
production costs.

In some additive manufacturing processes, there is a need to add material to support overhang
volumes, that is later removed. Some research groups [37,113] studied the possibilities and
advantages, and developed models in which the substrate was mounted on a 5-axis positioning
system, which allowed the build direction selection during fabrication to change, thus eliminating
the need for supporting material. With such a system, the correct selection of the substrate position
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becomes essential based on some criteria factors: mass of substrate waste, mass of the deposited
material, the number of build operations, build complexity and symmetry. A detailed analysis of the
correct position of the substrate may allow the BTF ratio to be reduced.

Figure 22. Weaving deposition strategy (adapted from [112]).

Since most of the software for metal deposition are limited and without public access,
Yunyong et al. [114] took advantage of the free open source CuraEngine to introduce new settings
to generate G-code to print metallic parts. These settings permit the torch to toggle on and off,
path optimization to avoid crossovers in the same layers, the number of start/stops are minimized,
and an option to pause the torch was also added for subtract cooling between layers. It is expected
that these open-source software codes can be embraced by the additive manufacturing community to
further expand its applications.

5. Residual Stresses

Residual stress challenges are of extreme importance within the WAAM process and are due to
the complex thermal behavior and thermo-physical properties of the materials to be deposited [7].
Residual stresses are defined as stationary stresses at equilibrium in a portion of material after all
external forces are removed [115]. Residual stresses are determined by their characteristic length: type
I are macro-stresses varying over the dimensions of the component; type II are intergranular stresses;
type III are formed at an atomic scale [116,117]. Despite the residual stresses that can be reduced by
laser shock peening [28], in WAAM they can be as high as the yield strength of the material [118],
negatively affecting the mechanical properties and leading to distortions and decreased tolerances.
If these residual stresses exceed the local yield stress of the material, plastic deformation occurs, but
if it exceeds the ultimate tensile strength then fracture is expected. These stresses are the result of
the repetitive heating and cooling, which induce repetitive expansion and contraction of the material.
For that reason, upon unclamping, the part balancing the internal residual stresses bends, and these can
reach up to 500 MPa [22]. Considerable efforts are being made on strategies to mitigate this problem so
that results can be further incorporated in path planning algorithms. Main findings include, that when
building a layer, a pattern starting from the edges to the center cause less residual stresses on the
substrate [119].

In others studies, several methods are employed in order to minimize the heat accumulation,
and consequently residual stresses, based on the regulation of dwell time [120]; by pre-heating
the substrate [36], since it reduces thermal gradients making the temperature distribution more
homogeneous, it can increase the wettability of the first layers [35]; by mounting the substrate on
a 5-axis system and building parts on both sides so that the residual stresses are balanced [37].
Other methods include the use of secondary heat sources to induce pre- or post-heating to obtain
smoother temperature gradients [33]. Cold rolling is also used for the control of residual stresses
in WAAM parts [19]. Figures 23 and 24 depict substrate distortions and longitudinal residual
stresses, respectively, with three different rolling loads. As-built samples experienced stresses near
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the yield strength in the longitudinal direction. A vertical rolling load of 28 kN was sufficient to
mitigate distortion in the aluminum parts. Rolling allowed for a decrease in longitudinal stresses that
become compressive near the top layers. However, rolling induced stresses in the transversal and
normal directions that did not previously exist, indicating a three-dimensional stress state, which can
significantly alter the mechanical properties of the parts.

Figure 23. Substrate distortion with three different rolling loads (adapted from [19]).

Figure 24. Longitudinal residual stresses of aluminum parts after rolling (adapted from [19]).

Ultrasonic impact testing is a cold-work treatment that induces compressive stress on the top
or on the side of the walls within a very limited depth, producing grain refinement. In WAAM it
was seen to be effective in reducing residual stresses by nearly four times, compared to the as-built
samples [121]. The energy of the arc was not seen to be enough to remelt all the recrystallized equiaxed
grains of previous layers, forming a bamboo-like macro-structure.

6. Heat Treatments

During WAAM, excessive heat accumulation can prevent the accurate control of bead
geometry [122], but also might lead to differences in mechanical properties and microstructure with
the increase of samples’ height [123] becoming important to perform heat-treatments in order to
achieve isotropic properties. These treatments might also be used to achieve the required mechanical
properties, phases, relieve residual stresses, and remove internal defects.

In Section 2.1.2 in situ methods of heating and cooling WAAM parts were discussed, which can
provide reliable and adequate heat treatments to achieve the required properties. However, these methods
are still relatively recent and computational simulation developments are still necessary to predict phases
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and mechanical properties. Additionally, post-WAAM heat treatments can be used by means of hot
isostatic pressing (HIP), solution treatment, annealing, aging, and other thermal treatments.

Gu et al. [14] studied the influence of post-deposition heat treatments on the porosity of 2319
and 5087 aluminum alloys, well-known for their porosity-related issues. After deposition, samples
were kept for 90 min at 535 ◦C, followed by cold water quench. However, a combination of inter-pore
coalescence (by Ostwald ripening) and hydrogen diffusion phenomena originated the growth of
pores. Fully dense parts where only obtainable by combining inter-layer rolling and post-WAAM
heat treatment. Other benefits from post-processing heat treatments were applied to NiAl Bronze
WAAM components [8]. Parts fabrication annealing at 675 ◦C for six hours was applied, followed
by air cooling, and resulted in the relaxation of the previously induced residual stresses in a fine
homogenized microstructure composed of α phase (Cu) and intermetallics, such as NiAl and Fe3Al,
as identified by X-ray diffraction (Figure 25). These constituents were not found in the base material,
and their presence resulted in a significant increase in hardness from 181 HV for the base material to
210 HV after post-WAAM heat treatments.

Figure 25. Phase constituents of as-cast base material (BM), as-deposited WAAM part (WM),
heat-treated base material (BM HT), and heat-treated (WM HT) (adapted from [8]).

Different post-processing heat treatments were used in WAAM parts of Ti-6Al-4V in [124]: stress
relief (480 ◦C for 2 h); hot isostatic pressing (927 ◦C for 2 h at 1500 bar with a heating and cooling rate of
5 ◦C/min); vacuum annealing (927 ◦C for 2 h with a heating and cooling rate of 5 ◦C/min); and solution
treated followed by annealing (967 ◦C for 1 h, water quenched then aged at 595 ◦C for 2 h and air
cooled). The variation of mechanical properties was justified by changes in the microstructure, with the
as-deposited sample exhibiting prior-β grains with fine Widmanstätten-α. The mechanical properties
after each heat treatment are presented in Figure 26. The stress relief heat treatment resulted in a
ductility increase of 30% and a microstructure similar to that of the as-deposited Ti-6Al-4V. Hot isostatic
pressing effectively removed pores, and samples had a similar increase of ductility as vacuum annealed
samples (around 40% of the as-built parts), explained by the continuously coarsening of the α-phase.
Solution treated samples mainly comprised of refined α-phase grains, experienced an increase of 12%
in strength, but in contrast the ductility was lowered by 30%.
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Figure 26. Mechanical properties of Ti-6Al-4V as-deposited and with post-process heat treatment
(STA: solution treated plus annealing; HIP: hot isostatic pressing; VAC: vacuum annealing) (adapted
from [124]).

When mixing dissimilar alloys, it is likely to obtain intermetallic compounds [125–127]. Fe3Al is
being increasingly studied with WAAM due to its unique properties [128]. In order to avoid some
of the intermetallics and to reduce the anisotropy induced by the process, samples underwent
homogenization (1000 ◦C for 7 h), homogenization plus transformation annealing in the FeAl region
(850 ◦C for 24 h), and homogenization plus annealing in the FeAl region and a transformation
treatment in the Fe3Al region (500 ◦C for 120 h), in accordance to the Fe-Al binary phase diagram.
Homogenization on its own eliminated Al-rich precipitates and resulted in excessive grain coarsening.
With further heat treatments in the FeAl-phase region these precipitates started to randomly appear.
Finally, with only a third heat treatment Al-rich precipitates and new grain boundaries formed in
an equiaxed shape with a size of 150 μm. In this study, excessive time of post-heat treatments was
necessary to precipitate an adequate amount of Al-rich constituents that refined grain. Thus, from a
manufacturer point of view, in situ methods to perform heat treatments should be developed and
industrialized to save time and reduce costs.

The effect of heat treatments on Al parts fabricated by WAAM was also studied by Qi et al. [129],
where solution treatments at different temperatures plus natural aging procedures (T4 condition) were
applied to AA2024 parts. The effect of those heat treatments in the mechanical properties of the parts
are evidenced Figure 27. All heat treatment conditions were seen to increase the mechanical properties
compared to the as-deposit samples. From this study is it clear that, depending on which property
(ultimate tensile strength, yield strength, or elongation) is to be maximized, proper selection of the
heat treatment conditions is fundamental.

WAAM mostly uses alloys that can be heat treatable (e.g., high strength steels, titanium alloys,
and nickel superalloys, for example) or non-heat treatable (e.g., austenitic SS and 4XXX aluminum
alloys). To suppress columnar grains of non-heat treatable alloys, the development of cold working
variants is of major importance. Regarding heat treatable alloys, superior properties that are difficult
to obtain in as-build WAAM parts are expected. Further understanding of phase transformation
kinetics that occur during the process is of major importance in order to avoid or reduce the need for
post-process heat treatments. For this reason, the next section will focus on modeling and simulation
applied to WAAM.
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Figure 27. Tensile properties of 2024 aluminum samples [129].

7. Modeling and Simulation for WAAM

WAAM parts’ microstructure and properties rely directly on process parameters, such as material,
wire feed speed, heat input, and idle time between layers. The difficulties in optimizing a WAAM
deposition and achieving the required characteristics, requires the execution of many experiments that
can be highly costly and time consuming. Therefore, finite element analysis improvements are one of
the primary goals toward a more massive adoption of WAAM. Typically, the process itself comprises
melting of wire, metal transfer mode, mass transfer, gas absorption, convective flow of liquid metal,
arc pressure, and solid-state phase transformations. The difficulty to model all phenomena comes from
the diversity of materials and complex thermal behavior, since a portion of material is subjected to a
vast number of thermal cycles of re-heating and cooling. Incorporating volumetric changes due to
phase transformations can also be important [48]. Nowadays, most of the knowledge comes from trial
and error experiments so if the process becomes fully modeled, accurate predictions of residual stress,
distortion, and mechanical properties and microstructure can be achieved.

Chiumenti et al. [130] provided a detailed description of the formulation behind numerical
simulations of WAAM processes while performing experimental validation. Their finite element
model includes a heat transfer model governed by the laws of thermodynamics, Fourier’s law,
Stefan-Boltzmann law, considered heat dissipation by conduction and convection, phase transformation
phenomena based on Scheil’s equations, and the total amount of latent heat released/absorbed during
phase changes. Additionally, a mechanical model which portrays a continuous damage model able
to represent hot cracking singularities and porosities was included. The moving welding heat source
was approximated by a double ellipsoidal power density distribution developed by Goldak et al. [131].
Montevecchi et al. [132] split the heat source into two power distribution contributions: one that
characterizes the power delivered to the base material adapted from the double ellipsoid Goldak model
and another constant of power distribution that should be developed to describe the energy transferred
to the wire, since only 50% of the total energy was used to melt the wire [133].

These models are described as Equations (1) and (2), respectively:
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where:
.

Qb and
.

Qw are the analytic power value; coefficients a, b, and c are the semi-axis of ellipse
dimensions, and Vel is the volume of heated elements.

Several finite element works have been conducted recently, such as evaluating the residual stress
generated from clamping the substrate [134], or predicting the required idle time between layers
to obtain a constant inter-layer temperature [29]. Zhao et al. [135] evaluated the stress distribution
between single walls taking in consideration the deposition strategy: One wall was built always in the
same direction, while the other had a deposition direction reverted in each layer. For both strategies,
the stresses reduced with the height increase and it was experimentally concluded that layers in the
same direction resulted in larger stresses than the part fabricated in the reverse direction. This suggests
that deposition strategy is fundamental to mitigate residual stresses in WAAM parts.

Thermal models have been successfully developed to predict temperature gradients and
distribution along WAAM walls, but there is a lack of models that can predict bead geometry.
The difficulty comes with fully portraying heat transfer and fluid flow phenomena inside the molten
pool. More recently, Bai et al. [136] succeeded in accurately predicting bead geometry by simulating
heat transfer and fluid flow. Four different driving forces were considered: surface tension, Marangoni
force, arc pressure, and arc shear stress. It was found out that metal liquid flow was upward inside and
outward on the surface indicating that the Marangoni force dominates the fluid flow direction inside
the molten pool. When depositing a high number of layers where side support is absent, the rear of the
molten pool is driven by gravity and surface tension, which will determine the final bead geometry.

In another approach, the buoyancy force and frictional dissipation in the mushy zone were
included [137]. The geometry of the deposit material was simulated by means of the surface energy,
potential energy in the gravitational field, arc pressure, and droplet impact force. Results have shown
that by mixing hot and cold liquid inside the molten pool (convection inside the molten pool) reliable
predictions of bead cross section were made. Figure 28a,b depicts the experimental results and
numerical estimation of bead geometry for a traveling speed of 5 mm/s and 8.3 mm/s, respectively.

Figure 28. Comparison between predicted and experimental bead cross section for a travel speed of:
(a) 5 mm/s and (b) 8.3 mm/s. (adapted from [137]).

8. Integrated Machine

Even though efforts have been made in optimizing tool path and process parameters, WAAM is
sometimes referred as a near-net shape process due to its relatively poor surface finish. To answer the
demands of short delivering times and complex parts, hybrid equipment which integrate additive
and subtractive manufacturing technologies into one machine, arise as a promising solution to
suppress WAAM’s major weakness: waviness. The typical process waviness can aid crack propagation,
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making post machining a necessity, especially in structural applications. A schematic illustration of
this hybrid solution is presented in Figure 29. The present model could be improved by the existence of
online measuring equipment, which can be used to regulate parts dimensions and amend dimensions
with milling [112].

Figure 29. Steps in the hybrid process of metal additive manufacturing combining WAAM and milling
(adapted from [138]).

Chen et al. [139] highlighted the difficulty of machining parts with hollow cavities, pointing out
the importance of sequentially depositing material and machining it, to avoid potential problems with
machining after the entire model is produced. A hybrid manufacturing system was created, aided by
a software developed at IIT Bombay, named arc hybrid layer manufacturing (ArcHLM) capable of
generating paths for a welding torch and a milling tool [140].

In a cost modeling and sensitivity study, the economic benefits of WAAM with subsequent
machining were compared to conventional machining from a solid block. The developed model
considered the prices of tools, materials, substrate, machine, software, electricity, and every consumable
for each manufacturing process. Several components were analyzed such as: a wing spar, an external
landing gear assembly in titanium, and a pylon mount. In all studied cases WAAM represented costs
savings compared to conventional machining as shown in Table 4 [141].

Table 4. Costs of different parts per manufacturing process [141].

Designation Process BTF Cost (€ × 1000) Cost Reduction

Wing spar Traditional 6.5 8.11 n/a

WAAM 2.15 5.75 29%

External landing
gear

Traditional 12 18.14 n/a

WAAM 2.3 5.6 69%

Pylon mount Traditional 5.1 2.8 n/a

WAAM 1.5 2.68 7%

Mazak Corporation (Japan) unveiled a machine model VARIAXIS j-600AM featuring a standard
WAAM head mounted on the machine headstock as well as an advanced 5-axis multi-surface
subtractive capability to produce high-precision parts complete in single setups. Another advancement
was made by Mutoh Industries that revealed the model Arc MA500-S1 which uses arc welding
technologies. However, these machines are not versatile for research purposes, since no additional
instrumentation or variation of the welding process is currently possible.

9. Defects and Non-Destructive Testing

As previously described, WAAM combined with a subtractive process is a viable solution
to produce fully dense parts in an efficient way. The several process parameters of this process
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and complex material behavior leads to several challenges which can only be suppressed by a
multi-disciplinary approach. Whilst there are no significant improvements on simulation software
optimized for WAAM, integrating non-destructive testing and non-destructive evaluation sensors on
equipment to evaluate parts as they are still being produced is of major importance.

9.1. Defects

WAAM process is, fundamentally, very similar to welding so defects such as, hot cracking,
cold cracking, porosity, delamination, and spatter are well documented for different alloys [142–145].
Defects in WAAM can originate by poor path planning, excessive heat input, and consequently residual
stresses, gas contamination, and feedstock quality. Additionally, surface finish was seen to directly
affect hydrogen crack susceptibility [146].

Nevertheless, some predominant macro defects appear once layers start to be built in WAAM.
These include side collapse, mainly caused by the excessive heat sink at the beginning of layers, in
contrast to a low dissipation condition at the end of each layer (Figure 30a), that consequently results
in unflatten top surfaces. Secondly, portions of unmelted wire can appear stuck to final parts, because
of inconsistent wire stick-out on arc ignition. If the stick-out is too long the initial current will detach
the wire without melting it (Figure 30b). Finally, large distortions upon unclamping as a result of
the excessive heat input and consequently heat accumulation, result in a bending distortion of the
component as depicted in Figure 31.

 
Figure 30. Image of WAAM macro defects: (a) side collapse; (b) unmelted wire (adapted from [147]).

Figure 31. Distortion of a WAAM part (adapted from [148]).

The abovementioned defects can be mitigated with a correct choice of process parameters and
process variants. Residual stresses that lead to distortions, and consequently to a loss of tolerance,
can be relieved with post-processing heat treatments, right path planning, in situ cold/heating
mechanisms, or even by the use of cold-work deformation-based techniques. Spatters are directly
related with the selection of process parameters that will determine the transfer mode, which is easily
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overcome. Porosity is the most common defect for aluminum alloys and can be process-induced or
due to poor wire batch quality. For Al-based alloys, rolling [23] and the welding mode CMT-pulse
advanced [149] were seen to entirely remove pores. Side collapse and unmelted wire can be avoided
by introducing sensors to assure a constant contact-tip-to-work distance, and a constant inter-layer
temperature. Therefore, the following section describes the current status and difficulties on inspection
and standardization of WAAM parts, covering in-situ monitoring and non-destructive testing as well
as outline standardization and certification challenges.

9.2. In-Situ Monitoring

The main challenge of WAAM nowadays is developing appropriate inspection procedures.
However, the increased capabilities to manufacture complex parts, decreases the ability for parts
to be inspected. Therefore, using sensors to inspect parts as they are still being produced is of major
importance. Everton et al. [150] reviewed in-situ monitoring and closed-loop control techniques for
additive manufacturing, and some of them are yet to be exploited in WAAM.

It is well known that WAAM is very sensitive to variations of process parameters, so the
implementation of an in-process monitoring device in a closed loop control system becomes
important, since it would allow for rectification of parts as they are being still being built.
Formation of internal defects and excessive residual stresses could be mitigated with such an
approach. Traditionally, in fusion welding, monitoring is made through an evaluation of current,
voltage, shielding gas flow rate, travel speed, and wire feed speed. In addition, during WAAM,
sensors can be used to monitor the temperature at different regions [151], measure the size and
geometry of beads [152,153], determine the weld pool characteristics, monitor the acoustic signal
of deposition [154], detect electrical conductivity variations [155], and measure oxygen levels [156].
Normally, in fusion-based welding, the process parameters are held constant, but in WAAM, due to
differences of thermal behavior throughout parts fabrication, geometric variations and mechanical
properties are established and adjustments are necessary. Weld pool images contain abundant
information that are directly related to parts quality. Therefore, the transient section of the weld
pool was evaluated and monitored in [157], since defects such as cracks, delamination, and voids
cause changes in heat flow and change the transient response. Thereby, on-line analysis of the
arc spectrum was used to measure the weld pool characteristics by analyzing the abnormal bands
according to the atomic emission spectrum, which contained necessary information about shielding
gas flow rate and impurities that can influence fluidity of the weld pool and final parts quality.
Spectrum analysis in combination with a CCD camera was able to detect material composition and
confirm the presence of rust, oil stain, and shielding gas flow rate in the weld pool images [158].
An innovative single-neuron self-learning controller was integrated in WAAM equipment [159].
The developed controlling algorithm considered travel speed as the input control variable, and the
layer width as the output to compensate layer height deviations. A non-linear Hammerstein model
was used to establish a dynamic relationship between both parameters. The maximum deviations in
layer width between the expected and detected layer width was 0.5 mm.

Xu et al. [148] reviewed process monitoring and control of WAAM parts and proposed a
multi-sensor device to monitor each variant and output, as schematically shown in Figure 32.
It considers an acoustic sensor for measuring arc pulsation and intensity, since when an irregularity
occurs it will be reflected on the acoustic signal and on the signal of the current [154]. Infrared
camera, thermocouples, or pyrometers would be used to monitor the molten pool and thermal cycles.
In addition, it also contemplated a double profilometer and the use of add-ons, for instance, inter-layer
rolling. Moreover, electrical conductivity measurements can be taken during deposition to identify
the different phases that are being developed during solidification. In order to established WAAM
consistency, a prior knowledge of the parts and build process is necessary to create an algorithm that
will facilitate the industrial uptake of this process.
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Figure 32. Schematic diagram of a full monitoring system for WAAM (adapted from [148]).

9.3. Non-Destructive Testing

Non-destructive testing (NDT) comprises a set of a high valuable technique to assess parts
integrity, and its development is necessary for the rapid industrialization of WAAM. The are several
techniques (i.e., radiographic testing, tomography, ultrasonic testing, eddy currents, thermography
and liquid penetrants) however, some of them have limited potential to be used in WAAM, mostly due
to parts waviness as described by Lopez et al. [155]. These limitations include, for example, the need
to inspect high temperature surfaces, which requires that the lift-off distance between the probe and
the material significantly increases. The authors experimentally tested radiography and ultrasonic
testing (UT) to detect surface defects in Al WAAM parts. Conventional ultrasonic testing is limited
to off-line inspection, since couplants are susceptible to high temperatures, and require machined
surfaces to be applied. Nevertheless, a novel solution was to place the probe on the bottom of the
substrate, yet the signal corresponding to the interface of substrate and the part must be taken into
consideration. Radiography could detect lack of fusions between layers and porosities, but to fully
locate them it is necessary to analyze other sections.

An ultrasonic array post-processing technique named total focusing method was seen to detect
artificial holes with 3 mm, regardless of their location in part. Using conventional imaging techniques,
defects near the side walls and top surface could not be detectable, and provided a non-realistic size
and geometry of defects [160].

Currently, WAAM inline inspection conditions are extremely demanding for current state of the
art NDT probes. The major issues include: high temperature of the last deposited layer; difficult
to introduce a test medium to give a high signal-to-noise ratio; surface waviness and roughness;
and small defects dimension (<1 mm). As such, the development of multiparametric non-destructive
testing systems is mandatory to identify defects formation production and increase reliability in
defect detection.

10. Applications

WAAM particularities makes it suitable for the creation of large-sized parts with medium
complexity components, made with high-value materials. Therefore, this technology is viable to
be used in industries, such as aerospace, automotive, defense, molds and dies, naval, and nuclear
energy [70,161,162]. Topologically optimized structures have been increasingly being used by the
aerospace and automotive industries as they reduce weight while maintaining the functionality of
the part maximizing its performance. WAAM offers the potential to produce topologically optimized
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components, since through conventional technologies they become very expensive, with high material
waste, and extensive lead times [163].

Currently, the aerospace industry focuses on the manufacture of complex-shaped components
of titanium and nickel alloys, making WAAM a cost-effective method for their production, due to
the difficulties associated with subtractive methods applied in these materials. Titanium represents
93% of the Lockheed SR-71 Blackbird’s structural weight and during its production approximately
90% of the forging weight had to be removed by machining [164]. Norsk Titanium delivered the first
titanium additively manufactured component made via WAAM approved by the federal aviation
administration, as it was installed on the Boeing 787 Dreamliner. Norsk Titanium’s technology allowed
waste reduction, less energy consumption, and product costs reduction by up to 30% and 75% time
saving, than forging with subsequent machining [165].

Ni-based alloys and stainless steels are widely used in the nuclear industry, where parts with
high heat and corrosion resistance are required. WAAM is an appropriate candidate to replace some
less requested portions of nickel parts to stainless steel, allowing the reduction of cost and weight of
these components [99].

MX3D radically transformed the industry of construction by delivering the first additively
manufactured metal bridge with a total weight of 4500 kg, 12.5 m in length, and 6.3 m wide (Figure 33a).
Hirtler et al. [166] exploited one of WAAM’s possible applications, that is, manufacturing from a
previous semi-finished component fabricated by a conventional metal forming process. A rib was
first forged and then finished by increasing its height with WAAM (Figure 33b). Magnesium alloys
have been used in WAAM [167], but its application for biomedical application still does not to meet
the requirements in terms of corrosion-resistance and biocompatibility. Once these are ensured,
those components can be used for human vertebra prototypes, hip stem implants, and treat bone
fractures [168]. Another example included an excavator arm, as depicted in Figure 33c.

 
Figure 33. Various components made with WAAM: (a) MX3D bridge [168], (b) rib [166], and (c)
excavator arm [169].

11. Summary and Future Outlook

The fabrication of complex shaped parts via WAAM is becoming well-established in both
academia and the industry. Several process variants have been developed recently in order to optimize
the microstructure and mechanical properties of the as-built parts. Additionally, most of the more
relevant engineering alloys (titanium, aluminum, and steels, including stainless) are already used in
WAAM with excellent results, proving the viability of this technique to produce custom-made large
metallic parts. One aspect that is not yet well explored concerns the possibility of using WAAM for
repair applications. This could greatly decrease costs associated with the need to completely renew a
given structural part, since with WAAM technology it is possible to perform localized repairs.

Another key aspect that is not yet established is related to certification of WAAM parts. This step
is crucial to further expand the range of applications of this technology and open the door for more
demanding structural applications, where the advantages associated with WAAM can be of special
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interest. Concurrent to the need for certification procedures for WAAM parts, is the need to develop
effective and integrated non-destructive testing systems capable of detecting defect formation during
parts production. The need for the development of these in-situ monitoring methods lies in the fact
that with such an approach any generated defect can be repaired right after its formation and not only
at the end of production. Inspection only at the end of the parts production may lead to significant
material waste and higher production times, since the location where the defect exists may be difficult
to access, thus preventing their overhaul.

Some applications using WAAM-produced parts are already in the market and it is expected
that industry plays a critical role in expanding the applications of WAAM parts. Combined with
the development of certification procedures and effective non-destructive inline methods, it can be
expected that WAAM will become one of the most used additive manufacturing technologies in the
near future.
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Abstract: In the present study, the gas tungsten arc welding wire feed additive manufacturing
process is simulated and its final microstructure predicted by microstructural modelling, which
is validated by microstructural characterization. The Finite Element Method is used to solve the
temperature field and microstructural evolution during a gas tungsten arc welding wire feed additive
manufacturing process. The microstructure of titanium alloy Ti-6Al-4V is computed based on the
temperature evolution in a density-based approach and coupled to a model that predicts the thickness
of the α lath morphology. The work presented herein includes the first coupling of the process
simulation and microstructural modelling, which have been studied separately in previous work by
the authors. In addition, the results from simulations are presented and validated with qualitative and
quantitative microstructural analyses. The coupling of the process simulation and microstructural
modeling indicate promising results, since the microstructural analysis shows good agreement with
the predicted alpha lath size.

Keywords: additive manufacturing; titanium; Ti-6Al-4V; microstructural modeling; metal deposition;
finite element method

1. Introduction

The Gas Tungsten Arc Welding (GTAW) wire feed additive manufacturing (AM) process involves
the deposition of metal material using a tungsten arc as an energy source. GTAW belongs to the group
of Direct Energy Deposit (DED) methods in the family of AM processes. A solid metal wire is fed
through a conventional wire feeder and deposited layer-by-layer onto a substrate. The energy source
is electrical heating, which melts the metal wire as well as the base material. The addition of multiple
layers produces a dense near-net-shape part. GTAW wire feed additive manufacturing has a high
deposition rate [1]. Flexibility and cost savings in manufacturing are important driving forces in the
development of such techniques [2].

The titanium alloy, Ti-6Al-4V, is extensively used in aerospace applications because of its high
strength to weight ratio [3]. With an appropriate protective environment to minimize the oxygen content,
this alloy shows good weldability and has also been shown to be suitable for additive manufacturing.

In additive manufacturing, multiple layers are melted on top of each other in a layer-by-layer
manner, inducing a number of heating-up/cooling-down cycles in the manufactured material. Since
Ti-6Al-4V is a two-phase alloy consisting of 90–95% of hcp-α phase and 5–10% bcc-β phase at
room temperature, the final microstructure of the material after being additive manufactured can
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exhibit a variety of microstructures, depending on the conditions of the thermal cycles. For the
industry to fully adopt additive manufacturing, and to be able to qualify titanium parts for aerospace
applications, a complete understanding of the mechanical behavior and control of the resulting
properties are prerequisites.

Process simulations provide information on how to manufacture components in order to achieve
the required properties and support the development and understanding of the manufacturing process
itself. Finite Element (FE) simulations, a conventional method used in the modeling of welding
processes, particularly for larger components, are applied on the macro scale [4–7]. In the present
work, a validated FE model presented by Lundbäck and Lindgren [4] is used to predict the thermal
field that, in turn, determines the microstructural evolution. A number of different strategies exist
regarding how to include detailed and explicit modeling on a microscopic scale in a macroscopic
simulation. One such strategy is to use submeshes located at the nodes of the FE model [8], while
another is to use dual-mesh methods that place microstructural domains at the nodes of a macroscopic
FE calculation [9,10]. However, with these strategies, the calculations become very cumbersome if
a large component is to be simulated. Therefore, for industrial needs, it is more pragmatic to use a
density type of model, also called the internal state variable approach by Grong and Shercliff [11].
In this work, a density-type approach is used in order to model the microstructure on a larger scale.
Moreover, it facilitates the future combination of the microstructural model with a mechanical model
to compute material properties.

The aim of the present study has been to, for the first time, couple the process simulation model,
developed by the authors [4], with a microstructural model, which has also been developed by the
authors [12], to predict the alpha lath size in the GTAW wire feed AM process. The results were
validated by building a well-defined, 10-layer-high weld sequence, in which, at specific positions,
its microstructural features have been characterized and compared to the predicted results.

2. Process Description and Microstructural Characterization

2.1. Experimental Setup

The Ti-6Al-4V was wire-feed deposited on a 3.25 mm-thick plate using a tungsten arc weld heat
source. Four weld sequences with a height of 10 layers were continuously added onto the plate,
as presented in Figure 1. Each layer is approximately 0.7 mm in height. Continuous addition means
that no waiting time between each deposited layer was applied, except for the short time during
welding torch movement to the new starting position. In order to avoid oxidation and alpha case
formation during the building process, the oxygen level was kept below 10 ppm in the building
chamber. This was achieved by applying an over-pressurized argon gas flowing through the chamber.
The weld passes are numbered 1 to 4; Figure 1 indicates each starting point. The building sequence is
such that walls 1 through 4 are deposited sequentially for the current layer and the structure is built in
a layer-by-layer fashion. In total, ten layers were deposited for each wall.

 

Figure 1. The built feature consisting of the four sequences of ten layers in height, including the starting
positions and sequence order. The arrows indicate the position for microstructural characterization of
each cross-section.
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2.2. Microstructural Characterization

The microstructures of three selected cross-sections, as indicated in Figure 1, were characterized.
The location of each cross-section was selected so that the microstructure of different widths (one, two,
and three weld beads) of the built material could be characterized. Each sample was mounted, ground,
and polished using conventional methods for titanium alloys, and finally, etched with Kroll’s reagent
(1 mL HF, 2 mL HNO3, and 100 mL distilled H2O) to reveal the microstructure.

The microstructural characterization was carried out in a light optical microscope (NIKON eclipse
MA200) equipped with image analysis software (NIS Elements Basic Research). Large-area mapping
was first carried out to capture overview images of the cross-sections. Thereafter, the microstructural
characterization was planned in detail and the areas to be analyzed were decided. In each area,
ten images at 1000-times magnification were captured and, in each image, the α lath thickness was
measured at 25 randomly selected sites, yielding 250 α lath measurements in total. In addition,
the fraction of grain boundary α was assessed for the single weld bead cross-section through manual
measurements. The working sequence was as follows: first, large-area mapping (approximately
110 images) of the selected region at 500-times magnification was carried out at the highest resolution
(2560 × 1920), and then the grain boundary α was carefully marked and colored red using an image
editing software (Adobe Photoshop CC 2015) and digital zoom. The fraction of grain boundary α

was subsequently calculated by comparing the total number of pixels to the number of red pixels in
the images.

3. Process Modeling

The similarities between the GTAW process and multipass welding permit the application of
welding simulation techniques. Computational Welding Mechanics (CWM) establishes methods
and models that are applicable for the control of welding processes to obtain optimal mechanical
performance. The book by Lindgren [13] describes different modeling options and strategies.

3.1. Thermal Model

For the thermal model, the weld pool details are replaced by a heat input model. The modeling is
thus considerably simplified, but is still able to create a model fit for the purpose. The implemented
logic and model is thoroughly described in [4]. Some noteworthy clarifications to the process model
are briefly mentioned below.

The heat input model is the commonly-used double-ellipsoid with Gaussian distribution,
as proposed by Goldak et al. [14]. An adaptive rescaling of the heat input through the efficiency factor
is, when needed, used to control the variation of the heat input function due to the rather coarse mesh
used for the discretization of the model. The parameters for the heat input and heat dissipation are the
same as presented in [4]. For convenience, they are listed in Table 1, where Q is the nominal effect
of the heat source, η is the efficiency factor, h is the heat transfer coefficient, and e is the emissivity.
The a, b, cf, and cr parameters define the geometry of the double ellipsoid. The model was validated
thermally in [4], and found to be in good agreement with the measurements.

Table 1. Parameters for the heat input and heat dissipation.

Q (W) η a (m) b (m) cf (m) cr (m) h (W/m2K) e

896 0.58 0.004 0.0012 0.004 0.006 18 0.05

The material data that has been used in the thermal model is from [15]. The thermal conductivity
and the specific heat capacity can be seen in Figure 2. Whenever the temperature in the model is
outside the given data, a cut-off value is used, i.e., the last known value. A latent heat of 290 J/kg is
applied in the transition between the solidus and liquidus temperatures, which are set to 1604 ◦C and
1700 ◦C, respectively.
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Figure 2. Material data used in the thermal model.

The number of nodes and elements in this model are approximately 19,000 and 13,000, respectively.
The element type is 8-noded, fully integrated, hexahedral elements. The FE-software (version,
company, city, country) used in this work, MSC.Marc (version, company, city, country), and its pre-
and post-processor Mentat, have a number of interfaces for user-defined subroutines. The heat input is
defined via user subroutines. The microstructural model that will be described in the next section is
also defined via these user subroutines.

3.2. Microstructure Model

The phase evolution is computed during heating, cooling, and during repeated re-heating and
cooling. During heating, when the temperature exceeds about 700 ◦C, the α phase starts to transform
to the β phase [16]. Normally, during AM as well as welding, the heating rates are too fast for an
equilibrium to exist. This means that Xβ < Xβ-eq, even at temperatures exceeding the so-called
β-transus of the alloy. Above the β-transus temperature at equilibrium, only the β phase exists.
During cooling, existing β phase transforms into α phase. For slow to moderate cooling rates,
the transformation is diffusion controlled. The initial α phase normally nucleates at the prior β grain
boundaries and continues to grow along these grain boundaries before starting to grow into the prior
β grains, in a lamellar morphology. This lamellar type of microstructure is called the Widmanstätten
microstructure here. For very high cooling rates, non-diffusional transformation of β → α phase
takes place; this type of α phase is, therefore, defined as martensitic α, i.e., the microstructure will be
martensitic. For moderate to high cooling rates, a massive transformation of β→ α can occur [17].
This transformation is not included in the model. Solid–solid phase changes, on heating as well as on
cooling, are mostly characterized by transformation mechanisms of nucleation and growth processes.
The β phase decomposition to α Widmanstätten and α at prior β grain boundaries, as well as the
β formation during heating, are all diffusion-controlled processes [18]. In contrast, α martensite
formation from the β phase is a diffusionless transformation.

3.2.1. Solid–Solid Phase Change Model

The diffusional phase transformations of β to α and α to β are evaluated using a modified
Johnson–Mehl–Avrami theory. This equation is strictly valid only under isothermal transformation;
therefore, the additivity principle has been adopted, and discretization into a series of smaller isothermal
steps is used during temperature variations. The rule of additivity [16] is commonly used to calculate
non-isothermal transformation from isothermal transformation data using simple rate laws. It should
be noted that the additivity rule should be applied only under certain conditions in which the reaction
is additive [10,16,18]. Grong and Shercliff [11] compared the additivity approach to numerical solutions
when modeling microstructural state variables, with a focus on applications in heat treatments and
welding. Even though discrepancies are observed, the approximation is evaluated to be sufficient
for many problems, particularly when the constant data is estimated against experimental data for
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microstructure. The generalization steps of the Johnson–Mehl–Avrami equation used in this work
are thoroughly detailed in [12]. The incomplete transformations toward equilibrium at the current
temperature are circumvented by normalizing the equations. The interaction between simultaneous
transformations is handled by assuming that the current fraction of the resultant phase is taken relative
to the total content of the transforming phase.

The diffusionless martensite formation was chosen to be modeled by the classical
Koistinen–Marburger equation, for which a direct incremental formulation of the equation, shown to
be simpler and equally well accurate [19], was chosen. The overall equations for the model and their
discretization are detailed in [12].

3.2.2. Morphology Parameter: Alpha Lath Thickness

The morphology size parameter associated with Widmanstätten α phase, i.e., the α lath thickness
parameter, was modeled by a simplified energy model approach [20]. The α phase formation
temperature is here, as a first approximation, considered dominant in determining the α lath thickness.
The empirical Arrhenius equation is used to express the temperature dependence of the α lath thickness.
A first approximation for kinetic parameters was used in [20]; the proposed values seemed to be outside
of the expected parameters’ dimensions. Irwin et al. [21] updated the values for the parameters after
additional optimization supported by a new set of experimental results. The new suggested values,
Arrhenius prefactor k = 1.42 μm and activation temperature R = 294 K, appear to have appropriate
dimensions, and are thus used in this work. The equation and its explicit form used in the model can
be found in [20].

3.2.3. Implementation Strategy

The development of the microstructural model is based on the finite element method, and is
supported by the features in the software MSC.Marc. The microstructure is homogeneously described
by state variables associated at each of the integration points of the finite element mesh. This approach
means that Representative Volume Elements (RVE) (see Figure 3) are considered at each integration
point of the elements. The calculated value corresponds to an average behavior over this domain.
For example, the phase fraction in an integration point then corresponds to the fraction of the phase in
the RVE connected to this particular integration point.

Figure 3. Schematic illustration of density type of model.

Four state variables are used in the model to represent the fraction of microstructural constituents.
One more state variable, denoted as the size parameter, is used for the α lath thickness. The state
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variable denominations and the size parameter can be seen in Table 2. The α phase can form a
number of different types of microstructure, but for modeling purposes, a choice to approximate the
diffusional-formed α phase into a twofold-different microstructure is made, namely (i) grain boundary
α (αgb), and (ii) Widmanstätten (αw) microstructure. The grain boundary α (αgb) is the α phase that is
formed in the prior β grain boundaries. The Widmanstätten (αw) structure represents the α phase
that forms inside the prior β grains (which is here considered to include both colony type and basket
weave microstructures). The α martensite (αm) structure and the β phase are also represented.

Table 2. Microstructural parameters and morphology description used in this work.

Phase Constituents Type State Variable Size Parameters

α
Diffusional α

Grain boundary Xαgb -

Intergranular,
Basket-weave,
Colony

Xαw
Lath thickness,
tα-lath

Non-diffusional α Martensite Xαm -

β - Xβ -

The interactions between the constituents are schematically presented in the upper-right square of
Figure 4. In this work, four different diffusional transformations and one non-diffusional transformation
are implemented. The transformation processes and microstructural constituent interactions that are
implemented in the model are shown in the table in Figure 4. A detailed description of the logic and
the overall model can be found in [12].

 
Figure 4. Transformation process and constituent interactions.

3.3. Adaptive Time Sub-stepping

To optimize the solution routine and reduce the computational time, an adaptive sub-stepping to
calculate the microstructural model was adopted. To improve the accuracy, a refined time stepping is
used when the temperature is in the phase transformation region. When necessary, each thermal step
is thus divided into several smaller thermal sub-steps, assuming a linear temperature variation inside
the original time step.
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4. Results and Discussion

4.1. Microstructural Analysis

The microstructural analysis was performed on the areas highlighted in Figure 5, denoted A, B,
C, D, and E. In general, the microstructure of the GTAW wire feed built Ti-6Al-4V consists of large,
columnar, prior β grains that grow in the temperature gradient direction, through several layers.
The directions of the columnar prior β grains can be seen in Figure 5. The prior β grains, seen as large
areas of different color and/or contrast in Figure 5, are increasingly oriented towards the sides of the
cross-section because of the temperature gradient. Within the prior β grain, fine α laths are observed
in the form of either basketweave α structure (see Figure 6a) or colony α structure (see Figure 6b).
However, only small regions of colony α are observed for the GTAW wire feed built Ti-6Al-4V, with the
main part of the α laths being in the form of the basketweave α structure. The prior β grain boundaries
are decorated by grain boundary α, as shown in Figure 6c. It is noteworthy that the thickness and
prevalence of grain boundary α varies in different cross-sections. In some regions, the grain boundary
α is continuous, as it is in Figure 6c, while it is absent or discontinuous in other grain boundaries.

Table 3. The result of the quantitative material characterization of the three cross-sections containing
widths of one, two, and three beads, respectively.

Cross Section Area
Average α Lath
Thickness (μm)

Grain Boundary α

Phase Fraction (%)

One bead

A 1.1 ± 0.4 0.21

B 1.0 ± 0.3 0.11

C 0.9 ± 0.3 0.05

All 1.0 ± 0.3 -

Two beads

A 1.1 ± 0.4 -

B 1.0 ± 0.4 -

C 1.0 ± 0.3 -

D 1.0 ± 0.3 -

E 1.0 ± 0.4 -

All 1.0 ± 0.4 -

Three beads

A 1.0 ± 0.3 -

B 1.1 ± 0.5 -

C 1.3 ± 0.5 -

D 0.9 ± 0.3 -

E 1.0 ± 0.3 -

All 1.1 ± 0.4 -

The result of the quantitative microstructural characterization is summarized in Table 3. In general,
only a small difference is observed when comparing the different areas. The variation is within the
range of the standard deviation. However, one tendency is that slightly thicker α laths form with
increasing thickness of deposited material (number of beads). This could be explained by the increased
number of heating cycles due to the additional beads that allow the diffusional growth of the α laths to
continue for a longer time. The α lath measurements are consistent with those previously reported [22]
(0.8 ± 0.2 mm) for GTAW wire feed built Ti-6Al-4V, not for the same, but for similar process conditions.
In contrast to the α lath thickness, a large variation of the grain boundary α fraction is observed.
The fraction of grain boundary α depends on the location of the prior β grains and, furthermore, on the
size of the prior β grains. As seen in Figure 5, the widths of the prior β grains vary significantly within
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the cross-sections, making the fraction estimation highly sensitive to the location of the evaluated
area. Moreover, because of its limited thickness, the grain boundary α could be difficult to discern,
which may have been the case for some limited regions of the areas investigated in the present study.
For future work, it is therefore recommended that the validation be carried out of the grain boundary
α on a deposited material with a slower cooling rate, for which a thicker grain boundary α is expected
to be better defined, and thus, easier to measure.

 
Figure 5. Light optical micrographs showing the characterized cross-sections indicated in Figure 1.
The different areas, denoted as A, B, C, D, and E, correspond to the location of the measurements
presented in Table 3.

 

μ

Figure 6. Light optical micrographs showing the microstructure of the GTAW wire feed built Ti-6Al-4V
consists of fine α laths in the form of (a) basketweave α or (b) colony α structure. The prior β grain
boundary is decorated with grain boundary α (c).
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4.2. Microstructural Simulation

The additive manufacturing process is characterized by cyclic temperature variations, leading
to repetitive phase transformations and microstructural changes in the deposited material and
substrate. Temperature history is thus the main factor when modeling the microstructure. Continuous
microstructural modeling allows for the microstructural changes that occur during processing to be
followed. While microstructural analysis provides information about the results after the additive
manufacturing process, the microstructural model, by following the entire deposition process, gives
continuous information about the microstructure changes during the additive manufacturing process.
The temperature history experienced at a selected point during additive manufacturing (see Figure 7a)
is representative of a typical temperature profile experienced by the deposited material. The location
of this point is in area B in the single weld bead sample in Figure 5. In Figure 7b,c, the simulated
phase transformations versus time and temperature, respectively, can be seen. As explained earlier,
during cooling, the β phase transforms into a mixture of αgb and αwid. The phase fraction of each
microconstituent depends on the cooling rate, i.e., a faster cooling rate promotes more αwid than αgb,
and vice versa. During the following heating sequence, the αgb and αwid transform to the β phase,
which cyclically transforms again to αgb and αwid over the temperature history. It is important for
the numerics in the microstructural model that the temperature change during a time step is not too
large. Therefore, an internal time sub-stepping logic was developed to control this. In the current
work, a maximum temperature change within the phase transformation region of 5 ◦C is allowed.
If the temperature change in the thermal solution exceeds this value, the time step will be subdivided
internally. The authors have observed that, for this specific set-up, the model yields a slightly different
result when using the sub-stepping logic during the heating cycle. However, during the cooling phase,
they are nearly identical. For another type of AM process, e.g., powder bed, the sub-stepping logic is
probably of more importance, as the cooling ratios are much higher.

Figures 8 and 9 show the simulated results of the α lath thickness. Despite the simplicity of the
chosen model, the simulation results agree well with the experimental measurements. The simulated
thickness, evaluated to be approximately 1.1 μm, is in agreement with the 1.0 to 1.1 μm obtained by
microstructural analysis. It is also interesting to note that the α lath thickness shows a tendency to
increase with increasing wall width, i.e., when built with more weld beads. A similar trend is found in
the experimental evaluation.

The model predicts 3–6% αgb in the deposited material, as seen in Figure 10, and the experimental
measurements indicate αgb fractions between 0.05–0.2%, as seen in Table 3. The small amount of αgb

phase and the large variation of the αgb amount that was observed experimentally result in some
uncertainty. However, it is obvious that the model overpredicts the amount of αgb. As already stated
in the microstructural analysis section, a more accurate validation case could be achieved by using
deposited material containing a thicker grain boundary α, which could be obtained in slowly-cooled
deposited material.

51



Materials 2019, 12, 3534

(a) 

 

(b) 

 

(c) 

Figure 7. Simulation results at a node positioned in one weld bead cross-section positioned in the B
area (Figure 5). (a) Temperature variations vs time. (b) Corresponding simulated αgb, αwid, and β

phase fractions vs time. (c) Corresponding simulated αgb, αwid, and β phase fractions vs. temperature.
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Figure 8. Simulated α lath thickness (μm), cross-sections with walls of widths of one, two, and three
weld beads.

 
Figure 9. Simulated α lath thickness (μm) variation in the additive manufactured part.

(a) 

 

(b) 

Figure 10. Simulated αgb phase fraction after wire feed additive manufacturing. (a) Complete view of
the sample. (b) Cross-sections of one, two, and three weld-beads-wide walls.

An example of the results that can be obtained during the additive manufacturing process by
using simulations is shown in Figure 11. The effect of the newly-deposited layer on the previously
deposited layers is presented here. The simulated β phase fraction illustrates the ongoing phase
transformations that are taking place while depositing the consecutive metal layers. The model, as well
as the microstructure characterization, show no martensitic areas in the microstructure for the current
manufacturing parameters.
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(a) 

 

(b) 

 

Figure 11. Simulated β phase fraction during wire feed additive manufacturing. (a) Cross-section of
the three-weld beads wall. (b) Complete view of the sample.

The presented method for the modeling of wire feed additive manufacturing has been implemented
into subroutines that can be evoked using commercial, general-purpose, finite element software.
Moreover, microstructural modeling increases our understanding of the microstructural evolution,
not only for post building, but also during the additive manufacturing process. The α lath thickness
has been successfully predicted. The β phase transformation model (equivalent to the complementary
total α phase transformation model) was validated in a previous publication [12] and used by others,
e.g., [21,23]. However, the αgb phase transformation part of the model is yet to be validated.

In addition, the microstructural model is an important tool that enables continued additive
manufacturing process development to obtain improved material properties. Because physical and
mechanical properties are dependent on the microstructure, it is also interesting to consider the
microstructural development during the AM process. Then, the model can be coupled with a flow
stress model needed in a thermo-mechanical analysis. The plastic properties will then depend
on the current temperature and microstructure. The microstructural model is coupled with the
dislocation density-based plasticity model presented in [24]. This type of constitutive model has a
natural handshake with microstructural models; the coupling and application of these two models are
presented in [25].

5. Conclusions

In this work, a process simulation model was coupled to a microstructural model. A density
type of microstructural model was chosen in the current work. The main reason for this was that it
should be possible to apply the model to industrial applications on a macroscopic level. The study
presented herein shows promising results, since the size of the predicted alpha laths correlated very
well with the microstructural analysis. Other types of models, such as sub-models or dual-mesh models,
can give more detailed information about the microstructure, particularly the morphology; however,
they typically become very computationally demanding, and are suitable for the whole field in an
industrial application. In addition, the density type facilitates the combination of the microstructural
model with a mechanical model to compute material properties, which is also shown in [25].
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Abstract: Ever-increasing demands of industrial manufacturing regarding mechanical properties
require the development of novel alloys designed towards the respective manufacturing process.
Here, we consider wire arc additive manufacturing. To this end, Al alloys with additions of Zn,
Mg and Cu have been designed considering the requirements of good mechanical properties and
limited hot cracking susceptibility. The samples were produced using the cold metal transfer pulse
advanced (CMT-PADV) technique, known for its ability to produce lower porosity parts with smaller
grain size. After material simulations to determine the optimal heat treatment, the samples were
solution heat treated, quenched and aged to enhance their mechanical performance. Chemical
analysis, mechanical properties and microstructure evolution were evaluated using optical light
microscopy, scanning electron microscopy, energy dispersive X-ray spectroscopy, X-ray fluorescence
analysis and X-ray radiography, as well as tensile, fatigue and hardness tests. The objective of this
research was to evaluate in detail the mechanical properties and microstructure of the newly designed
high-performance Al–Zn-based alloy before and after ageing heat treatment. The only defects found
in the parts built under optimised conditions were small dispersed porosities, without any visible
cracks or lack of fusion. Furthermore, the mechanical properties are superior to those of commercial
7xxx alloys and remarkably independent of the testing direction (parallel or perpendicular to the
deposit beads). The presented analyses are very promising regarding additive manufacturing of
high-strength aluminium alloys.

Keywords: wire arc additive manufacturing; precipitation hardening; Al–Zn–Mg–Cu alloys;
microstructure characterisation; mechanical properties

1. Introduction

Additive manufacturing (AM) is a manufacturing technology which has been evolving at an
enormous rate in the last 30 years. AM uses 3D CAD models to build parts by adding material
successively, layer by layer, allowing the production of complex geometric shapes and topology
optimised parts. The additive manufacturing of metals, which has become an area of extensive research
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work, is transforming many industrial sectors by reducing component lead time and material waste.
Many different industries using metallic materials, such as aerospace, automotive, tooling, and health
care, among others, are already taking advantage of AM [1,2]. Nevertheless, metallic parts produced
by AM are susceptible to various defects, property degradation and compositional changes that need
to be addressed [3].

Due to the high strength-to-weight ratio and ductility at room temperature, Al–Zn–Mg–Cu
alloys are used in the automotive, aerospace, aircraft and competitive sport industries [4–7]. In these
industries, new materials with enhanced mechanical properties are always needed to satisfy the
ever-increasing demands for the weight reduction of structures and components. The strength of
Al–Zn–Mg–Cu alloys is mainly controlled by the ageing process through the precipitation and growth
of very fine precipitates of the η′-phase (a semi-coherent, metastable precursor of the equilibrium
MgZn2 phase) evolving from the Zn and Mg Guinier–Preston (GP) zones [8–10]. The purpose of Cu
in these alloys is to increase the ageing rate by increasing the degree of super-saturation, possibly,
through nucleation of Al2CuMg (S-Phase) [11–13].

The ageing of Al–Zn–Mg–Cu alloys from room temperature to relatively low ageing temperatures is
accompanied by the generation of GP zones with an approximately spherical shape [14]. With increasing
ageing time, the GP zones increase in size and the strength of the alloy increases. Extended ageing at
temperatures above room temperature transforms the GP zones in alloys with relatively high Zn and
Mg ratios into the transition precipitates known as η′, T′ or S′, the precursor of the equilibrium MgZn2,
T (Al2Mg3Zn3) and S (Al2CuMg)-phase precipitates [15–17].

The effect of alloying elements on welding additive processability and mechanical properties of
Al–Zn–Mg–Cu alloys have been studied in different research works [18–20]. For example, the addition of
Mn to Fe-containing Al–Zn–Mg–Cu alloys can promote the formation of the α-phase (Al15(Fe,Mn)3Si2)
instead of the more harmful β-phases (Al5FeSi) [11,21–23]. Al–Zn–Mg alloys are known as materials
difficult to cast and weld, due to subsequent hot cracking failures. This feature clearly creates a
challenge to design alloys suitable for the wire arc additive manufacturing process. Analysis of the
available hot tearing diagrams for this system indicated that alloys with a Mg:Zn ratio >1 are expected
to have acceptable weldability [24]. Furthermore, alloys with this solute ratio might exhibit satisfactory
mechanical properties [25,26]. The alloy compositions were designed based on intensive literature
studies and theoretical thermodynamic considerations.

Among the manifold additive manufacturing techniques, technologies using metal powder can
produce parts with high accuracy and comparably low deposition rates, which renders them more
suitable to produce small parts with complex geometry [27]. When the powder is replaced by wire,
higher deposition rates can be achieved, the costs with raw material are reduced, and the process is
safer. Due to these benefits, the wire arc additive manufacturing process has been considered and
many studies have been conducted using this technology [28–32]. Using this process, deposition
rates up to 13-fold higher than in powder-based techniques can be achieved [33] and the investment
costs in equipment are reduced when compared to, e.g., laser-based AM [34]. Wire arc additive
manufacturing parts, however, present higher surface roughness, in the range of approximately
500 μm [27], which could be reduced by process control. Cold metal transfer (CMT) is a modified gas
metal arc welding (GMAW) process developed by Fronius. Characteristic for the CMT technology is a
low heat input and splash-free welding. Porosity can stem from wire or substrate contaminants or
from volatile alloying elements. These contaminants are cracked by the high energy of the electric
arc, resulting in gas porosity that is trapped upon solidification and can hardly be reduced during
processing [35]. The characteristic curve used (arc) is a mix of CMT pulses and alternating voltage
(CMT-PADV), which has been shown to be well suited for wire arc additive manufacturing of
aluminium [36].

The aim of the present work was to understand the influence of the wire arc process and new
alloying system on the mechanical properties of the produced parts before and after the heat treatment,
including detailed microstructural characterisation.
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2. Materials and Methods

2.1. Alloy Composition and Material Processing

The experimental alloy composition was cast using vertical continuous casting. The resultant
chemical composition is given in Table 1. Subsequently, cylindrical preforms with a diameter of 35 mm
and a length of 100 mm were machined and heated in a furnace to 435 ◦C. These preforms were
then extruded to wires with a diameter of 1.6 mm and a length of approximately 4 m. The resultant
segments were then joined and, after visual inspection, coiled, thus enabling wire arc experiments
with novel wires with specified non-commercial chemical compositions and a small lot size.

Table 1. Chemical composition of the alloy in the as-cast condition measured by optical emission
spectroscopy (OES) in weight percent.

As-cast (OES) Al Mg Zn Mn Si Cu Fe Cr Ti Zr

wt.% 89.30 5.87 3.58 0.49 0.07 0.33 0.11 0.04 0.05 0.12

The additive manufactured samples were produced with a CMT Advanced 4000 R (Fronius
International GmbH, Wels, Austria) and a robot arm (ABB, Zurich, Switzerland) using CMT pulse
advanced (PADV). Rectangular-shaped parts of approximately 170 × 30 × 120 mm3 (l × w × h) and an
R equal to 5 mm for the corners were manufactured (Figure 1). A water-cooled base plate was used.
The cleaning of the substrate before the deposition of the first layer and between layers was conducted
with a stainless steel brush. The shielding gas used was argon.

For further analyses, three different material conditions were investigated in detail: (i) the as-built
(AB) material condition; (ii) the T6 material condition, which was obtained by a solution heat treatment
at 470 ◦C for 5 h, followed by rapid cooling in water and a subsequent ageing treatment at 120 ◦C for
24 h; and (iii) the T73 material condition, which was obtained by a solution heat treatment at 470 ◦C for
5 h, followed by rapid cooling in water and a subsequent two-stage ageing treatment at 120 ◦C for 24 h,
and then 160 ◦C for 24 h.

2.2. Characterisation Techniques

Tensile test specimens were extracted from the samples in the three different material conditions,
in both transverse and longitudinal directions (Figure 1(b) and (c)). Standard specimens, according
to ISO 6892-1:2016, were used to determine the average mechanical properties of the alloys in the
different heat treatment conditions and direction (Figure 2a). Subsized specimens (Figure 2b) were
used to probe local properties in the sample different regions (bottom, middle or top of the sample),
and thus, to evaluate the homogeneity of the mechanical properties along the height and width of the
produced parts. Three to five standard size specimens were tested for each material, heat treatment
and conditions, whereas six to nine subsized specimens scattered over the whole face of the sample
were tested for local properties determination (Figure 1b,c).

Fatigue test specimens were extracted from the T73 tempered material condition in the longitudinal
and transverse direction. The test conditions and specimen geometry (Figure 3) were in accordance
with ASTM E466 standard. The specimen gauge length was further polished down to grade 1000 emery
paper prior to fatigue testing. The tests were performed on a servo hydraulic machine under load
control (Instron 8502, Norwood, Massachusetts, USA). Based on the tensile test results obtained for this
material, a yield stress of 330 MPa was assumed and the maximum stress for fatigue tests set up in the
range of 95% to 45% of the yield. All tests were performed with a stress ratio R = 0.1, commonly used
in aeronautical and structural testing, a sinusoidal wave form and a frequency of 20 Hz. All tests were
run up to failure—after which, the fracture surface was observed using a scanning electron microscope
(JEOL JSM–6500F, Tokyo, Japan) to identify any features associated with the fracture initiation and
propagation processes.
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Figure 1. (a) Rectangular-shaped specimen produced by wire arc additive manufacturing on a flat
substrate; (b) transverse tensile specimens; (c) longitudinal tensile specimens. All dimensions in mm.

Figure 2. Tensile specimens: (a) regular size; (b) subsize. All dimensions in mm.

Figure 3. Fatigue specimen. All dimensions in mm.

The transverse parts in the various conditions mentioned above were cold mounted, grinded
with SiC paper and polished with diamond paste. Microhardness measurements were performed
with a hardness tester (Mitutoyo Akashi AVK-C0, Kawasaki, Japan), using the Vickers method, with a
load of 9.81 N and indentation time of 15 s. These measurements were performed in the centreline of
the specimens along its height (one specimen along the height of the produced walls per condition
was tested). Microstructure analysis was performed by optical light microscopy (Carl Zeiss Axiotech
100HD-3D, Oberkochen, Germany) and stereoscopy (Olympus SZX7, Tokyo, Japan). Specimens were
electrochemically etched with Barkers Reagent (5 mL HBF4 (48%) + 200 mL water) using 15 V for
90–240 s. Scanning electron microscopy (SEM) and energy dispersive X-ray spectroscopy (EDS) results
were obtained from the samples in as polished condition using a JSM–6500F microscope (JOEL, Tokyo,
Japan) fitted with an EDS detector (Oxford Instruments X-MaxN, Abingdon, UK).

Porosity analysis was performed in the as-polished samples, considering the three different regions
and conditions presented above. Five images were obtained randomly for each region and evaluated
using ImageJ software (National Institutes of Health, Bethesda, Maryland, USA) [37]. First, the scale
was set in the software and, then, the image was thresholded carefully to ensure all the porosities
remained in the image. Thus, all the particles with a minimum of 0.5 circularity were detected and
measured by the software. A second analysis was performed to evaluate whether “non-pores” were
measured and to measure the pores not detected. The porosity diameter considered was the average of
width and height values of the smallest rectangle enclosing the selected pore. In addition, porosity was
also analysed by X-ray radiography with X-ray equipment (YXLON ANDREX RIX-02, Hudson, Ohio,
USA). The X-ray inspection followed the procedure prescribed by ISO 10675-2 standard.
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In the grain measurement, the standard ASTM E112–2013 was used as a reference to establish the
procedure. The number of grains in the specimens and respective areas were calculated using ImageJ
software based on the visual counting performed in the etched micrographs. The images evaluated
were of 200x or 500x magnification depending on the grain size. The ratio of the grains per area were
then calculated based on the numbers of grain counted in a known area. To compare all the results,
the average number of grains per 106 μm2 was considered. In most cases, five images were evaluated
for each condition.

2.3. Simulation of the Ageing Response

MatCalc software (MatCalc Engineering, Vienna, Austria) version 6.02 with the corresponding
thermodynamic, mobility and physical databases for Al alloys was used for material simulations.
The precipitation sequence during ageing was modelled in a simplified manner by considering Cu–Mg
clusters and AlMgZn GP zones, nucleating directly from the FCC Al precipitation domain (bulk
nucleation sites), while T-phase and S-phase precipitates were formed by a transformation of clusters
and GP zones. Ageing treatments with various heat treatments were simulated, taking the annealed
material at 500 ◦C as the initial material condition for precipitation kinetics simulations. For the
validation of the results observed, experimentally, samples from the wire arc deposition process were
solution heat treated to a peak temperature of 500 ◦C for 20 min. After quenching, three samples were
subjected to an ageing process: (i) at 90 ◦C for 24 h, (ii) at 140 ◦C for 24 h and (iii) pre-aged at 90 ◦C
for 24 h and aged at 140 ◦C for 24 h afterwards. Brinell hardness measurements were conducted in
various time intervals during ageing. The chemical composition considered for the simulation was
based on the chemical analysis of the alloy obtained after deposition.

3. Results and Discussion

3.1. Wire Arc Deposition

In many instances, the limiting factor with regard to manufacturing is the capability of the alloys
to be shaped into components. Consequently, there is a continuous demand to improve existing alloys,
as well as to design new ones, in order to meet the requirements of various processing technologies.
In the design of the alloy investigated in the present work, engineering properties such as weldability,
hot-tearing susceptibility as well as resulting mechanical properties were in focus as detailed by Schnall
et al. [38]. The chemical composition of the Al–Zn–Mg–Cu alloy was, thereby, iteratively adapted
using a set of thermodynamic calculations, experimental determination of thermophysical properties
and engineering tests of the hot-tearing susceptibility.

The absence of visible cracking, major porosity and no macroscopic shrinkage is a good indication
of the process stability and the apparent good weldability of the newly designed alloy. Visual inspection
of the specimens’ surfaces (Figure 1) suggests a low level of surface waviness, which is beneficent if the
final surface needs to be machined, i.e., a lower buy-to-fly ratio is achieved or it lowers possible notch
effects at unmachined surfaces of the final component. It is noted that the geometric features of the wire
arc additive manufacturing specimens were geometrically consistent during consecutive manufacturing
of several samples, suggesting uniform deposition conditions with a high reproducibility.

The arc’s colour during deposition appeared cyan, qualitatively suggesting the burn off of volatile
chemical species. In Table 2, the chemical composition of the specimen after wire arc deposition also
evidences the burn off of Mg and Zn during the additive manufacturing process. Hence, it is concluded
that when aiming at a specified chemical composition of the final component, the wire needs to be
over-alloyed with all volatile chemical elements.
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Table 2. Chemical composition of the deposited alloy in the as-built condition measured by OES in
weight percent.

As-built (OES) Al Mg Zn Mn Si Cu Fe Cr Ti Zr

wt.% 90.00 5.33 3.44 0.49 0.07 0.31 0.11 0.04 0.06 0.12

Based on the macrographic results (Figure 4), it can be seen that the middle and top layers
exhibited lower waviness, which may be explained by the higher temperature of the material in the
deposition of these layers [39]. A higher temperature, together with the concomitant reduced viscosity,
results in a higher flow-capability of the melt. Furthermore, the only discontinuities found in the
micrographic images are pores. X-ray radiography indicated few dispersed porosities smaller than
1 mm in diameter. The general results presented so far demonstrate that modest adaptations in alloy
composition enable improved weldability, allowing for crack-free fabrication of samples by wire arc
additive manufacturing, potentially also enabling conventional welding of 7xxx alloy sheets, which will
be the subject of further research.

Figure 4. Macrographs of the transverse parts extracted from the samples in various material conditions.

A constant level of hardness is seen along the height of the walls, where the average values
found for samples in the AB, T6 and T73 conditions are 103, 131 and 143 HV, respectively (Figure 5).
The constant hardness in each material condition suggests sufficient chemical homogeneity after
wire arc processing, thus enabling a homogeneous hardening precipitate structure. It is noted that
homogeneous mechanical properties counteract strain localisation upon loading, which is beneficial in
case of highly loaded structural applications.

Figure 5. Evolution of Vickers hardness from the bottom (first layer) to the top of the wall, for three
different material conditions (as-built, T6 and T73).
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3.2. Microstructure Characterisation

3.2.1. Microstructure Evolution

When evaluating the micrographs of the deposited samples (Figure 6), it can be seen in the
bottom region of the as-built condition that a dendritic structure is predominant, and no clear grain
structure is revealed. In all the other conditions, a mixture of equiaxed and elongated grains are seen.
It can be noted that a smaller equiaxed grain structure is discernible in the interlayer region, followed
by elongated grains and a zone of coarser grains with mostly equiaxed grains. This is a common
feature of aluminium processed by directed energy deposition due to solidification conditions within a
pronounced thermal gradient [40].

Figure 6. Micrograph of the samples in the AB, T6 and T73 conditions prepared using Barkers reagent.

3.2.2. Porosity Evaluation

The pore volumetric fraction analysis shows that this parameter increases along the samples’
height from the bottom to the top (Figure 7). This result might be related to the thermal gradient
that is created during the wire arc deposition process. As the specimen’s height increases, so does
the mean temperature, which affects the metallurgical processes occurring in the melt zone to a yet
unknown extent. The smallest average pore diameter found was 6 μm and the highest was 10 μm.
The variations among the three types of conditions (as-built, T6 and T73) are expected, since the
heat treatments usually promote not only the increase in secondary porosity volume but also the
coalescence of small micropores [41]. According to Gu et al. [42], some mechanisms responsible for
micropores growth in Al alloys are Ostwald ripening [43], nucleation of new pores and growth of
secondary pores [44]. When correlating these results to the results from the tensile test, performed with
the subsize specimens extracted from the transverse direction, no visible relation is clearly identified
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(Figure 12), suggesting that the pores observed are sufficiently small and few as to not to interfere
within the elastic deformation regime and do not cause premature failure upon plastic deformation
(see Section 3.4).

Figure 7. Pore volumetric fraction and average diameter of pores of the samples in the AB, T6 and
T73 conditions.

3.2.3. Grain Number

When evaluating the number of grains in the different regions (bottom, middle and top) of the
sample in the T6 and T73 conditions (Figure 8), it can be seen that the grains are smaller (higher in
quantity) in the bottom region (it was not possible to measure any grain structure in the sample in
the as-built condition in the bottom region due to this regions particular microstructure as visible in
Figure 6). This observation underpins our previous argumentation: as the specimen height increases,
the mean specimen temperature is increased. Thus, thermally controlled coarsening reactions prevail
and dominate the resultant grain size via grain growth.

Figure 8. Average of grains in 106 μm2 of the samples in the AB, T6 and T73 conditions.
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3.3. Heat Treatment Simulation

In order to estimate the effects of the various heat treatments on the mechanical properties, MatCalc
simulations were performed as described in subchapter 2. The maximum yield strength within the
simulated time frame of 500 h was observed for ageing at 90 ◦C, when the material approaches a
value of 380 MPa, as can be seen in Figure 9a. Application of lower temperatures resulted in lower
yield strength values within the simulated time frame of 500 h. Application of higher temperatures
resulted in earlier occurrence of the peak ageing response but in all cases below the strength value
found for ageing at 90 ◦C. The application of a two-stage ageing treatment consisting of 24 h ageing at
90 ◦C followed by 32 h ageing at 140 ◦C resulted in the replication of the strength peak at 380 MPa,
as shown in Figure 9b. It was found that the application of higher temperatures for the second ageing
step resulted in faster coarsening of the initial precipitates, leading to lower strength peaks and faster
over-ageing. Application of lower temperatures for the second ageing (i.e., 90 ◦C) did not increase the
simulated strength peak, resulting only in its delayed occurrence.

Figure 9. Simulated yield strength for various ageing treatments at various temperatures of: (a) single-
stage treatment; (b) second treatment of double-stage treatment after ageing at 90 ◦C for 24 h.

For validation of the simulation results, Brinell hardness tests were conducted and compared
to the simulated yield strength for three different conditions (Figure 10). For the sample aged at
90 ◦C, the hardness increases slowly and reaches a plateau at 145–150 HB after ~275 h without any
indication of over-ageing. A hardness peak at 130 HB was found for the sample aged at 140 ◦C after
125 h of ageing, showing a slow hardness decrease for longer ageing duration. The sample subjected
to two-stage ageing treatment, held first at 90 ◦C for 24 h, followed by ageing at 140 ◦C, exhibited a
notable hardness increase within 10 h of the second ageing treatment reaching the value ~155 HB.
With in 100 h of the second stage ageing, the sample hardness remained above 150 HB, decreasing
slowly afterwards. It is concluded that the experimentally observed trends satisfactorily underpin the
simulation results and fit well to results of a recent work [9].

3.4. Mechanical Properties

Concerning the deposition direction in the AB, T6 and T73 conditions, the tensile strength and
elongation are lower in transverse specimens, indicating a certain degree of anisotropy (Figure 11).
It should be noted that the yield strength is nearly isotropic, which is highly important for practical
applications. It can be seen that the ageing treatment increases yield strength, tensile strength
and elongation. The T73 condition presents the highest yield strength, while T6 presented a good
combination of strength and ductility. When comparing the results obtained in this research with the
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designed alloy to various Al alloys used in the selective laser melting (SLM) the good mechanical
properties achieved are noticeable [45].

Figure 10. Brinell hardness evolution in samples subjected to various ageing treatments.

In the AB, T6 and T73 conditions, the tensile strength and the fracture elongation for standard and
subsize specimens are similar, indicating homogenous mechanical properties along the height of the
produced samples, as indicated by the mechanical characteristics of the analysed specimens taken in
transverse direction (Figure 12).

Figure 11. Average yield strength, tensile strength and elongation of samples in the AB, T6 and T73
conditions.
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Figure 12. Yield strength, tensile strength and fracture elongation of the regular and subsize specimens
in the AB, T6 and T73 conditions.

Due to the limited amount of material available, fatigue testing was performed on specimens in
the T73 condition only. This testing was intended to compare the material behaviour in the transverse
and longitudinal directions, thus to obtain some indications on the performance of the manufacturing
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process, rather than fully characterise the fatigue behaviour of the material. The fatigue test results
exhibited a considerable scatter for both deposition directions (Figure 13), particularly at higher
stress levels. This scatter can presumably be explained by material structural heterogeneities and
residual porosity.

Figure 13. Wöhler curves of longitudinal and transverse specimens in the T73 condition parts.

The main fracture initiation site feature evidenced in almost all specimens analysed was porosity
(Figure 14). Post-test analysis of the fracture surfaces revealed that fracture often initiated from
porosities at or close to the specimen surface. In some instances, these defects were previously internal
or subsurface defects that emerged near the surface as a result of specimen machining and polishing
(Figure 15).

Figure 14. (a) A small pore in the initiation site of a longitudinal specimen; (b) detail of (a).
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Figure 15. (a) A large subsurface pore in the initiation site of a perpendicular specimen; (b) detail of (a).

Some intergranular brittleness was also observed, possibly as a result of minor oscillations of
deposition conditions leading to some fatigue endurance reduction. This intergranular fracture mode
seemed more frequent in perpendicular specimens than in longitudinal ones (Figure 16).

Figure 16. (a) Initiation site of a perpendicular specimen; (b) detail of the region between the pore and
the surface showing intergranular decohesion.

Besides intergranular brittleness, the initiation region and earlier crack growth was often associated
with cleavage fracture of grains shifting in a later propagation stage and final unstable fracture to
dimpled ductile fracture. Again, porosity was often observed in the propagation path as well as
intergranular decohesion, more frequent in the perpendicular specimens (Figure 17).

Despite the differences in the fracture behaviour, the material shows an almost identical behaviour
in both longitudinal and transverse directions, which precludes potential for future use in mechanical
parts. Comparison of fatigue data is difficult given the large variation of heat treatments, materials and
testing conditions. The small number of fatigue tests performed in the present work also contribute
to impair such comparisons. Nevertheless, the present results evidence the processability of 7xxx
aluminium alloys by wire arc additive manufacturing with remarkable mechanical properties [46–48].
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Figure 17. (a) Cleavage associated with porosity at the initiation site; (b) transition region;
(c) propagation path with dimpled structure and pores; (d) propagation path with intergranular
decohesion and dimpled structure.

4. Conclusions

From the performed analyses of the novel Al–Zn–Mg–Cu alloy with improved processability,
the following major conclusions can be drawn:

• Wire arc additive manufacturing of the Al5–Mg3–Zn–Cu alloy resulted in a component with
exceptionally high mechanical strength when compared to other Al alloys. In fact, the achieved
mechanical properties are even superior to the values available for many commercial 7xxx alloys.
Furthermore, the heat treatment simulations indicate that even higher mechanical properties can
be achieved using optimised ageing treatments.

• Concerning defects, the manufactured parts only exhibit few dispersed porosities and volumetric
pore fraction changes along the height of the sample. The volumetric pore fraction is smaller in
the bottom and bigger in the top region, while the grains are smaller in the bottom and bigger in
the upper region. Both observations are in line with an increasing mean component temperature
with an increasing height. Equiaxed and elongated grains are seen along the sample—a typical
feature of wire arc processed aluminium. It can be noted that smaller equiaxed grains are seen
in the interlayer region, followed by elongated grains and a zone of coarser grains with mostly
equiaxed grains.
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• The fatigue results showed a high scatter caused mainly by residual porosity, which was the main
feature associated with failure initiation and eventual risk of intergranular brittleness.

• The high strength reached under 60 h of ageing time can be attributed to the two-stage ageing
treatment, which promoted full formation of precipitation and growth of very fine precipitates
of the η′ or T′-phase (semi-coherent, metastable precursors of the equilibrium MgZn2 or T
(Al2Mg3Zn3) phases, respectively) from GP zones.

• The hardness measurements performed on the aged samples deposited by the wire arc process
confirmed the simulation trends and the advantages of the two-stage ageing treatment as a
processing method for this material.

This study demonstrates that the wire arc additive manufacturing of a novel 7xxx alloy is not only
feasible but results in very good mechanical properties following ensuing heat treatments.
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Abstract: Wire arc additive manufacturing (WAAM) by gas metal arc welding (GMAW) is a suitable
option for the production of large volume metal parts. The main challenge is the high and periodic
heat input of the arc on the generated layers, which directly affects geometrical features of the
layers such as height and width as well as metallurgical properties such as grain size, solidification
or material hardness. Therefore, processing with reduced energy input is necessary. This can be
implemented with short arc welding regimes and respectively energy reduced welding processes.
A highly efficient strategy for further energy reduction is the adjustment of contact tube to work
piece distance (CTWD) during the welding process. Based on the current controlled GMAW process
an increase of CTWD leads to a reduction of the welding current due to increased resistivity in
the extended electrode and constant voltage of the power source. This study shows the results of
systematically adjusted CTWD during WAAM of low-alloyed steel. Thereby, an energy reduction
of up to 40% could be implemented leading to an adaptation of geometrical and microstructural
features of additively manufactured work pieces.

Keywords: additive manufacturing; wire arc additive manufacturing; WAAM; GMAW; energy input
per unit length; processing strategy; contact tip to work piece distance; electrical stickout

1. Introduction and State of the Art

The industrial application of additive manufacturing processes for metallic parts is growing
continuously. A market growth of 41.9% was found for metallic parts in 2018 [1]. This includes
technologies such as powder bed fusion (PBF) as well as direct energy deposition (DED) processes.
Thereby, a differentiation is made between the applied power source (e.g., laser, electron beam and
arc) and the deployed material (e.g., powder and wire) [2]. Herein, differentiations can be adhered
in terms of productivity and buildup rates as well as near net shape and surface roughness of
manufactured parts.

When using arc-based processes like gas metal arc welding (GMAW), deposition rates of up to
8 kg/h can be achieved [3,4]. Thereby, the buildup volume is only limited by the handling system so
that manufacturing of large-volume components can be carried out [4,5]. Though, the dimensional
accuracy or surface quality is limited due to comparatively large melt pool sizes. A subtractive post
manufacturing process, such as milling is necessary to meet the required tolerances [3,6,7].

In recent years, this technology has been used for the fabrication of high-performance parts in
aerospace industry or the energy sector. Therefore, materials such as titanium alloys [8,9] or nickel-base
alloys [10,11] have gained increasing interest in the last years. The development of cost efficient
production systems [12] with high deposition rates makes this technology accessible for industries
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such as architecture or construction engineering. Moreover, the freedom of design for complex
3D-structures surpasses the limits of fabrication with conventional methods. Thereby, wire arc additive
manufacturing (WAAM) of steel parts is mainly addressed. Recent investigations on low-alloyed
steel [13–16] or high-alloyed steel [17,18] demonstrate the potential for these sectors.

The main challenge in WAAM is the high, periodic heat input due to the arc welding process.
Thus, geometrical features of the deposited layers are influenced by large melt pool sizes as well as
microstructural properties such as grain size. The analysis and reduction of heat input during WAAM
is a key factor for the application of this technology. Therefore, investigations on energy reduced
welding regimes were carried out [19,20]. Moreover, cooling strategies were developed to reduce
interlayer temperatures and enhance processing times [21,22]. However, the described methods of
energy reduction are commonly coupled to specific hardware such as welding power sources with
energy reduced processes or additional equipment, e.g., fluid bath, cooling clamps, etc. An applicable
approach for the reduction of energy input during WAAM by gas metal arc welding is the extension
of the free wire length during processing. Though, electrical properties such as welding current,
respectively welding power can be reduced as described below.

In GMAW, a determining factor for the energy input, the process stability and the formation of
the arc is the free wire length lFW, respectively electrical stickout, which is defined as the distance
between the contacting point of the fed wire with the contact tip and the attaching point of the arc on
the wire [23,24]. Due to an altering arc length, especially in the short arc welding regime, the electrical
stickout is difficult to determine. Therefore, the definition of the contact tube to work piece distance
(CTWD) has become established [25–27]. In Figure 1a the definition of CTWD and electrical stickout is
shown schematically.

contact tube 
to work piece 

distance 
(CTWD)

substrate

free wire 
length lFW

(electrical 
stickout)

arc length

tE

contact tip

substrate

target wire 
position

actual wire 
position with 
electrode spin tE

contact tip

shielding 
gas nozzle

(a) (b)

Figure 1. (a) Definition of contact tube to work piece distance (CTWD) and (b) effect of the electrode
spin on wire positioning in gas metal arc welding [26–28].

The increase of CTWD during the welding process is limited, due to the spin of the electrode
resulting from the wire spooling (compare Figure 1b). Subsequently, an offset of the wire tip to the
desired welding position tE may occur with increased CTWD. The consequences are unstable arc
behavior, increased spattering or weld seam irregularities such as lack of fusion [29,30]. In WAAM the
electrode offset affects the software supported path planning with the risk of dimensional deviations
from the CAD model and the work piece [28].

However, the adjustment of the CTWD is a simple and highly efficient strategy to affect energy
input in gas metal arc welding, respectively WAAM. This can be demonstrated throughout the
following Equations (1)–(4). It has to be stated that a change of CTWD has no influence on the wire
feeding speed and almost no influence on the arc voltage [31].

In GMAW, the welding current IW is conducted over the free wire length lFW to the arc [32].
With an extended free wire length, the electrical resistance RFW of the electrode increases [27] (compare
Equation (1)). Thereby, ρW describes the specific resistance of the wire material and AFW represents the
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cross sectional area of the wire. For metallic wires, the specific resistance ρW is temperature-dependent
and can be described by Equation (2). Thereby, α is the temperature coefficient, T the temperature
and T0 a temperature at which the specific resistance ρW (T0) is known, e.g., T0 = 293.15 K = 20 ◦C.
Equation (2) shows a linear correlation of temperature and specific resistance [33]. Thus, increasing
temperature leads to increasing specific resistance for metals and hence affects the electrical resistance
of the free wire length RFW.

RFW = ρW × lFW

AFW
(1)

ρW(T) = ρW(T0) × (1 + α·(T − T0)) (2)

In addition to the increased resistance of the free wire length RFW, the set welding current IW
and the resistance of the arc RArc influence the welding power PW. Thereby, the current load of the
electrode can be decreased with constantly set welding power (Equation (3)) [24,34]. According to
the first Joule’s law, this leads to increased resistance heating of the free wire QFW proportional to the
square of the welding current IW, the resistance of the wire RFW and the welding time tW (compare
Equation (4)).

PW = I2
W × (RFW + RArc) (3)

QFW = I2
W ×RFW × tW (4)

As a result, the preheating of the free wire length leads to reduced welding power for melting the
electrode. Thereby, the same deposition rate can be achieved [24,27]. A characteristic feature of the
resulting material transfer is the formation of larger droplets. This can be described by the softening of
the wire throughout the resistance heating as well as a reduction of the electromagnetic pinch-force,
due to the reduced welding current. The decreased welding current leads to decreased penetration
depth and increased weld seam height in joint welding and cladding [25,32].

The described correlations show a reduction of the welding current at a constant deposition
rate, respectively a reduced heat input during the welding process. This makes the process strategy
particularly suitable for additive manufacturing using WAAM. So far, the described advantages of
CTWD extension have not been investigated in the context of wire arc additive manufacturing and
exhibit large potential for the affection of geometrical, microstructural and mechanical properties of
additively manufactured work pieces.

2. Scope of the Investigations

The objective of this study was the reduction of energy input during WAAM with gas metal arc
welding throughout the systematic extension of the contact tube to work piece distance. Thereby,
effects on droplet transfer such as resulting droplet diameter or detaching frequency were analyzed
by high velocity video recording. Moreover, measurements of welding current and voltage were
analyzed to record the resulting reduction of energy input during additive manufacturing. Moreover,
investigations on the microstructure and grain size as well as mechanical properties such as material
hardness were carried out on low-alloyed steel. Finally, the analysis of cooling rates of the set layers
enabled the correlation of interactions between the process strategy and mechanical properties of the
built structures.

3. Experimental Methods

Additive manufacturing was carried out with a gas metal arc welding process. Therefore,
a welding power source of the type Alpha Q 552 Puls (EWM AG, Mündersbach, Germany) and a
water-cooled welding torch WH W 500 (Alexander Binzel Schweißtechnik GmbH & Co. KG, Buseck,
Germany) was used. The reproducible guidance of the welding torch was realized by a 6-axis industrial
robot KR15-2 (KUKA AG, Augsburg, Germany). The GMAW process was carried out in short arc
welding regime throughout the present case study. During WAAM, a temperature controlled strategy
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with flexible dwell time was implemented. Therefore, the welded layers were naturally cooling to
100 ◦C before the next layer was applied. The process was monitored with IR-camera of the type
ImageR 8320 (InfraTec GmbH, Dresden, Germany). This strategy prevents excessive heat input and
heat accumulation in the structure and enables comparable cooling conditions for the analysis of
microstructural evolution. Therefore, cooling rates were simultaneously recorded by IR-camera in the
range between 900 and 400 ◦C with a frequency of 50 Hz. The camera was positioned horizontally to
the manufactured wall structures with a distance of 600 mm. The analysis of cooling rates was carried
out with the software IRBIS 3 plus (InfraTec GmbH, Dresden, Germany). The experimental setup is
shown in Figure 2.

High velocity camera imaging was carried out with HV-camera of the type CR2000x2 (Optronis
GmbH, Kehl, Germany) to analyze arc behavior and droplet transfer during GMAW. The frame rate
was set to 2500 fps at a resolution of 800 pixels × 600 pixels. The shutter speed was set to 1/10.000 s and
the aperture adjusted manually to fade-out the arc partially in order to visualize droplet transfer.

Measurement data was recorded by a Dewetron DEWE-PCI 16 measuring system (version
DEWE-800, Dewetron GmbH, Grambach, Austria) with data acquisition of current, voltage and
welding power. The generated wall structures were separated from the substrate by wire-electro
discharge machining (EDM). Afterwards the samples were prepared for metallographic analysis
including grinding, polishing and etching with alcoholic Nital solution based on 3% nitric acid.
The hardness measurements were carried out using a DuraScan 70 machine (Struers GmbH, Willich,
Germany) using the Vickers testing method according to [35] with a force of 9.807 N (HV1).

Figure 2. Experimental setup of the wire arc additive manufacturing (WAAM) process.

Low-alloyed steel S355 J2 + N (1.0570) was used as substrate material with a thickness of 20 mm.
A solid wire of low-alloyed steel G4Si1/SG3 (1.5130, Ø = 1.0 mm) was used as filler material in
the GMAW process. Herein, the silicon percentage was increased by 0.3% by the manufacturer to
enhance the binding of oxygen and reduce the formation of porosity in the weld bead. Prospectively,
the chosen filler material is of high interest for industrial sectors such as construction engineering and
architecture. The following Table 1 shows the chemical composition of the substrate material and filler
wire for WAAM. During additive manufacturing, 98%Ar/2%CO2 was used as shielding gas for the
GMAW process.
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Table 1. Chemical composition of substrate and welding wire (%).

Function Material Cmax Simax Mnmax Cumax Femax

substrate S355J2 + N
(1.0570) 0.20 0.55 1.60 0.55 balance

welding wire G4Si1/SG3 (1.5130) 0.07 1.00 1.64 0.05 balance

During experimental trials, the contact tube to work piece distance was systematically increased
in steps of 8 mm. The starting value was set to CTWD = 12 mm, which is the standard distance based
on the formula CTWD = 10 . . . 12 × Øwire. The maximum extension was set to CTWD = 52 mm.
Referring to the state of the art, a spin of the welding electrode tE could be observed resulting from
the wire spooling. The maximum measured value of tE is shown in Figure 3a at the maximum
extension of CTWD = 52 mm. Hereby, the electrode spin was measured at a constant value of
tE = 1.8 mm. A commonly displaced position of the electrode to one direction does not affect the
additive manufacturing process and can be compensated throughout the programming of an offset in
the handling system.

In order to provide constant gas shielding conditions on the weld bead, a constructional adaptation
of the shielding gas nozzles was applied for the experimental trials with increased CTWD. Herein, the
increased distance between substrate and contact tube requires a focused gas flow to the weld bead
equally to the initial setup. Figure 3b shows the adjustment of the lengths of the shielding gas nozzles
for increased CTWD.

 

C
TW

D
 =

 1
2 

m
m

C
TW

D
 =

 5
2 

m
m

tE=1.8mm

(a)

in
cr

ea
se

d
C

TW
D

 =
 5

2 
m

m

(b)

In
iti

al
 s

ta
te

C
TW

D
 =

 1
2 

m
m

Figure 3. (a) Measurement of electrode spin with increased CTWD and (b) adaptation of shielding gas
nozzles for gas metal arc welding (GMAW) with increased CTWD.

4. Results and Discussion

4.1. Analysis of Elctrical Properties in WAAM with Increased CTWD

In the first step, electrical properties were analyzed during WAAM with a short arc welding
regime to characterize the stability of the arc and short arc frequency. Welding voltage and current
were measured with a rate of 1000 Hz for GMAW processes with varied CTWD from 12 to 52 mm.
The following Figure 4 shows welding current and voltage for a period of 350 ms (Figure 4a
CTWD = 12 mm; Figure 4b CTWD = 52 mm). Furthermore, characteristic points of the electrical signals
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and droplet formation in short arc welding regime are exemplarily shown in Figure 4b throughout
circled numbers in the diagram.

Short circuits are characterized by deflections in welding current and voltage in relation to the
base values. Herein, a rapid voltage drop with increasing current could be recognized (compare
Figure 4b, circle number 1). At this point, the molten droplet transferred from the end of the electrode
into the melt bead. A material bridge between the fed wire and the melt pool occurred. After material
transition the arc re-ignited. Therefore, high voltage was required, which was characterized by peaks
in welding voltage (compare Figure 4b, circle number 2). At this point, welding current dropped
slowly due to inductances in the welding circuit, leading to high welding power during arc re-ignition.
The subsequent period of arc time led to the melting of the electrode tip and the formation of a new
droplet (compare Figure 4b; circle number 3). Thereby, increasing arc time promoted droplet growth
(compare Figure 4b; circle number 4) before the molten material transferred into the melt bead during
the next short circuit phase.

Figure 4 shows differences in short circuit frequency and uniformity of the short circuits over
time with increasing CTWD. Thereby, Figure 4a shows homogeneous droplet transfer with periodical
short circuits of f = 42 Hz with a CTWD of 12 mm. Increasing CTWD leads to a reduction of the short
circuit frequency (compare Figure 4b). This can be explained by the formation of large volume droplets
due to decreased welding current respectively decreased pinch force. Thus, Figure 4b shows a short
circuit frequency of f = 11 Hz with increased CTWD of 52 mm. The irregularity of the short circuit
frequency arose through the formation of larger droplets (compare Figure 4b; circle number 4), which
were transferred with higher kinetic energy into the melt pool causing a wave formation of the liquid
melt pool. These waves partially reached the newly forming drop at the end of the wire, creating a new
short circuit. This effect caused the transfer of smaller droplets with a reduced detaching frequency
during short circuit. The described effect is shown in Figure 4b in the time window between 200 and
350 ms.
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Figure 4. Analysis of welding current and voltage in GMAW with varied contact tube to work piece
distance (CTWD); (a) CTWD = 12 mm and (b) CTWD = 52 mm.
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It can be shown that increased CTWD led to a reduction of droplet transfers in the short arc
welding regime. Concurrently, phases of arc re-ignition with high welding power decline, leading
to energy reduction induced by the welding regime and respectively the arc. As a result, the energy
input per unit length Es, as a main dimension for the characterization of arc welding processes, can
be reduced with a constantly set welding velocity. Equation (5) describes the correlation between
welding power Pweld and welding velocity vweld Herein, welding voltage Uweld and current Iweld can be
measured directly to estimate welding power Pweld (compare Equation (6)).

ES

[ kJ
cm

]
=

Pweld
vweld

[
kW
cm
s

]
(5)

Pweld =
1
t

t∫
0

pweld(t)dt =
1
t

t∫
0

uweld(t)iweld(t)dt (6)

The following Figure 5 shows the correlation of energy input per unit length ES to the contact
tube to work piece distance (CTWD) for three parameter sets. Thereby, ES was set to values between
4.2 and 8.2 kJ/cm in the initial state of 12 mm CTWD. Increasing CTWD from 12 to 52 mm shows a
steady reduction of the energy input per unit length. This relation is represented independently from
the parameter set. It was evident that an increase in CTWD of 8 mm led to a reduction of energy input
per unit length of 8%. A CTWD of 52 mm exhibited the maximum reduction in energy input per unit
length of 40% compared to the initial state. These results correspond to the state of the art in the field
of joint welding and cladding as described [25,31].
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Figure 5. Analysis of energy input per unit length with increasing CTWD for differing parameter sets.

4.2. Analysis of Droplet Transfer in WAAM with Increased CTWD

Chapter 4.1 verified alterations in short circuit frequency with adapted CTWD throughout the
analysis of electrical properties. Referring to the state of the art, increasing CTWD leads to the formation
of large volume droplets during material transfer in GMAW [25,32]. Experimental investigations
with a high velocity video recording confirmed a constant droplet growth with increasing CTWD.
Figure 6 shows droplet formation in GMAW with differing CTWD of 12 mm, 28 mm and 44 mm at
characteristic points during the short arc welding regime and correlated to the circled numbers in
Figure 4b. The increase of CTWD is shown in uniform step size of 16 mm for equal welding parameters.
Thereby, the formation of a new droplet on the electrode directly after short circuit phase is shown
(compare Figure 4b, circle number 3) as well as droplet growth during arc time (compare Figure 4b,
circle number 4). Furthermore, the maximum droplet size is displayed directly before the material
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transfer in the short circuit phase. The focus of the investigations was set to analyze droplet growth
and size before material transition into the melt bead. Therefore, the short circuit phase with material
transfer (compare Figure 4b, circle number 1) and arc re-ignition (compare Figure 4b, circle number 2)
is not shown in Figure 6.
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The coupled process development of increasing droplet size and reduced short circuit frequency
was caused by increasing resistance heating of the free wire length with increasing CTWD. Due to high
temperatures, the extended wire softened. This effect enhanced the formation of droplets with larger
material volume at the end of the wire. At the same time, the pinch effect was reduced, which was
induced by the Lorentz force of the magnetic field. The reason for this is the lower welding current
that affects the Lorentz force squared. Figure 7a shows droplet formation for CTWD of 12 mm and
the maximum investigated value of 52 mm (Figure 7b) in detail. Herein, characteristic effects in the
formation of the arc and the resulting droplet can be shown with differing CTWD.
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Figure 7. Correlation of droplet growth and arc behavior in GMAW with increased CTWD for U = 20 V;
vwire = 5 m/min and vweld = 0.4 m/min.

Thereby, a contact tube to work piece distance of 12 mm indicates the arc attaching point at the
filler wire, enclosing the formed droplet at the end of the electrode (compare Figure 7a). At this point,
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the electromagnetic pinch force was applied, constricting the molten droplet. However, increasing
CTWD led to a displacement of the arc attaching point to the bottom of the formed droplet (compare
Figure 7b). This resulted in a reduced pinch force to constrict the molten material, due to a decreased
welding current. The formation of large volume droplets was the consequence.

The described correlation between short circuit frequency (compare Figure 4) and droplet volume
(compare Figure 7) with systematically varied CTWD is shown in Figure 8. To determine the mean
droplet size, high-speed camera recordings were analyzed and droplet diameters measured shortly
before the transition into the melt pool on five consecutive droplets. The wire width served as
a reference for the measurements in the 2-dimensional images. The short circuit frequency was
determined on the basis of the number of current peaks, respectively voltage drops for a period of
one second during the welding process. In the short arc welding regime the number of short circuits
equaled the number of droplet transfers into the melt pool.
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Figure 8. Correlation of mean droplet diameter and short circuit frequency with differing CTWD for
U = 20 V; vwire = 5 m/min and vweld = 0.4 m/min.

Apparently, the short circuit frequency decreased with increasing CTWD. In the initial state of
CTWD= 12 mm the short circuits occurred with a mean frequency of 42 Hz. This frequency was reduced
to 11 Hz with increased distance between contact tube and substrate of 52 mm. This corresponded
to 74% of the initial value. At the same time, droplet diameter increased throughout the previously
described effects. The mean droplet size was determined to be 1.9 mm at 12 mm CTWD. The increase
of the distance from contact tube to substrate up to 52 mm resulted in increased droplet sizes with a
mean value of 3.1 mm. Thus, the average droplet size had increased by approximately 64%. During the
experimental investigations, a maximum CTWD of 52 mm led to an inhomogeneous process behavior
with arc deflections and excessive spatter formation. Further experimental trials were carried out with
a maximum value of CTWD = 44 mm.

A side effect of decreasing short circuit frequency and respectively material transfer with large
volume droplets affected the wetting behavior during GMAW. Herein, the formation of large volume
droplets with low transition frequency led to a punctual wetting of the substrate. In context of WAAM,
the wetting behavior was coupled to the welding velocity and was significantly relevant for the near
net shape quality of the built structures. A homogeneous material transfer resulted in the formation
of layers with equal geometrical properties such as width and height. Figure 9 shows the influence
of CTWD adjustment and differing welding velocities on the geometrical formation of layers during
WAAM. Thereby, a CTWD of 12 mm, respectively 44 mm was adjusted with differing welding velocities
of 0.2–0.6 m/min. Wall structures of 100 mm length and 10 layers were manufactured. The temperature
controlled WAAM process was executed with alternating welding direction in each layer and constantly
set interlayer temperature of 100 ◦C before the next layer was applied.
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(d) CTWD = 44 mm; U = 20 V, vwire = 5 m/min; 
vweld = 0.2 m/min

(a) CTWD = 12 mm; U = 20 V, vwire = 5 m/min; 
vweld = 0.2 m/min

(f) CTWD = 44 mm; U = 20 V, vwire = 5 m/min; 
vweld = 0.6 m/min

(c) CTWD = 12 mm; U = 20 V, vwire = 5 m/min; 
vweld = 0.6 m/min

(e) CTWD = 44 mm; U = 20 V, vwire = 5 m/min; 
vweld = 0.4 m/min

(b) CTWD = 12 mm; U = 20 V, vwire = 5 m/min; 
vweld = 0.4 m/min

Figure 9. Correlation of CTWD adjustment and differing welding speeds on wetting behavior and near
net shape quality during WAAM.

It becomes apparent, that surface quality and structure height of the work pieces were affected by
CTWD adjustment as well as welding velocity. Systematical investigations on geometrical properties
during WAAM with extended CTWD are shown in Chapter 4.3.

Figure 9a–c exhibited near net shaped quality for CTWD adjustment of 12 mm and welding
velocities from 0.2 to 0.6 m/min. Thereby, little curvature at the structure beginning and end, an even
overall height and low spatter formation were observed. In addition, high frequency of short circuits
(compare Figure 8) led to homogeneous wetting behavior and melt bead solidification. As a result,
the required amount of post-processing was limited due to geometrical properties close to the final
contour. Increasing welding velocity results in the formation of structures with decreased height,
which could be explained by reduced material transfer per unit length at a constant wire feeding speed.

Furthermore, WAAM with increased CTWD of 44 mm and adapted welding velocity is shown
in Figure 9d–f. Thereby, the reduced short circuit frequency (compare Figure 8) affected the wetting
behavior and near net shape properties. Thus, a stable welding process and the formation of layers
with equal geometrical properties could be achieved with low welding velocities up to 0.4 m/min
(compare Figure 9d,e). Thereby, surface roughness as well as the curvature at the structure beginning
were slightly affected. As a result, requirements for near net shape quality in WAAM could be met
with an increased CTWD of 44 mm.

Negative affection of process behavior and near net shape quality with increased CTWD is shown
in Figure 9f. Herein, the combination of the reduced frequency of droplet transfers and increased
welding velocity of 0.6 m/min led to partial wetting of the previously set layers. This resulted in
inhomogeneous layer geometries during the manufacturing process. Throughout these dimensional
deviations in layer height, the arc ignition after the short circuit phase as well as the arc length was
affected constantly. The unstable welding process was insufficient for WAAM processing. As a result,
the described properties for near net shape quality could not be met.

4.3. Effects of Increased CTWD on Geometrical Layer Properties in WAAM

In gas metal arc welding, increasing CTWD led to the reduction of energy input per unit length ES
respectively heat input as described (compare Figure 5). This had a direct effect on the formation of the
weld bead geometry at a constant deposition rate. Due to lower energy input, the weld seams increased
in height and decreased in width continuously. This could be described by lower temperatures in the
melt pool and thus a lower viscosity of the melt, resulting in less flowable melt and faster solidification
of the molten material. Figure 10 shows experimental results for the adaptation of CTWD from 12 to
44 mm in the context of resulting layer geometries. Three parameter sets with differing energy input
per unit length were chosen. Though, layer height (compare Figure 10a) and layer width (compare
Figure 10b) were measured on three positions of a wall structure with 10 layers. The mean values are
shown in Figure 10.
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Figure 10. (a) Determination of layer height and (b) analysis of layer width for 3 parameter sets and
adjusted CTWD.

The diagram in Figure 10a shows increasing values for layer height with increasing CTWD. A rise
of approximately 25% was observed independently from the parameter set. The examination of the
layer width (compare Figure 10b) exhibited an inverse dependence. Herein, layer width decreased to
approximately 83% (CTWD = 44 mm) of the initial value (CTWD = 12 mm).

In the next step of the investigations, wall structures with a length of 160 mm and 70 layers were
manufactured to analyze process behavior and near net shape quality on large volume work pieces.
Figure 11 exemplarily shows the resulting work pieces for a CTWD of 12 mm (compare Figure 11a),
28 mm (compare Figure 11b) and 44 mm (compare Figure 11c). On these structures, microstructure and
material hardness were tested additionally (compare Chapter 4.4). Therefore, the applied parameters
were economically set to reduce processing time. The experimental trials were carried out with a
welding velocity of 0.4 m/min, a voltage of 20 V and a wire feed of 5 m/min. The welding current
as well as the energy input per unit length depend on the adjusted CTWD and varied from 4.23
(CTWD = 12 mm) to 2.82 kJ/cm (CTWD = 44 mm). The increase in CTWD from 12 to 44 mm led to a
reduction of energy input per unit length of 34% (compare Figure 5). The interlayer temperature was
set to 100 ◦C between the deposited layers.

a) CTWD = 12 mm; U = 20 V;
vwire = 5 m/min; vweld = 0.4 m/min

c) CTWD = 44 mm; U = 20 V;
vwire = 5 m/min; vweld = 0.4 m/min

b) CTWD = 28 mm; U = 20 V;
vwire = 5 m/min; vweld = 0.4 m/min

Figure 11. WAAM of wall structures with 70 layers and differing CTWD.

Figure 11 shows the resulting wall structures consisting of 70 layers. Apparently, the structures
increase in height with extended CTWD as described before (compare Figure 9). At the same time,
surface roughness increased due to the described droplet diameter, transferring frequency and wetting
properties. The resulting mean structure height and mean layer height are shown in Table 2. Herein,
the values for mean structure height were measured on three points of the wall structures and the
values for mean layer height calculated by the division of mean structure height by the total number of
layers. Furthermore, the results were compared to preliminary manufactured wall structures with
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10 layers (compare Figure 10). The deviation is also shown in Table 2. A CTWD of 12 mm results in
a structure height of approximately 107 mm, respectively a mean layer height of 1.53 mm (compare
Table 2). Increased CTWD of 44 mm led to a structure height of approximately 134 mm (1.92 mm layer
height), which was an increase of 25%. Little deviations < 5% compared to structures in preliminary
investigations confirmed process stability and the effects of increasing CTWD on geometrical layer
properties on large-volume structures.

Table 2. Structure height of large WAAM structures and comparison to previous trials (compare
Figure 10).

CTWD
(mm)

Mean Structure Height
(mm)

Mean Layer Height
(mm)

Deviation
(%)

12 106.8 ± 0.3 1.53 −4.5
28 121.7 ± 0.2 1.74 −1.2
44 134.1 ± 1.4 1.92 −4.2

The side effect of adapted layer geometries was significant for the use of increased CTWD during
WAAM. The change of the weld bead geometry at constant welding voltage, constant welding speed
and constant wire feed has to be taken into account for path planning strategies. Especially if the value
of the contact tube to work piece distance is set dynamically in the WAAM process to adapt the layer
height or width.

4.4. Effects of Increased CTWD on Microstructure Development in WAAM

In wire arc additive manufacturing, the adjustment of energy input affects the cooling conditions
and moreover metallurgical properties of the metallic work piece. Though, microstructure and
mechanical properties can be influenced. A common approach to characterize un- and low-alloyed
steel during welding is the estimation of the t8/5-time according to DIN EN 1011-2:2001-05 [36].
This describes the time interval of cooling of the weld bead and the heat-affected zone (HAZ) from 800
to 500 ◦C. In this temperature range, phase transformations from γ- to α-phase take place, which are
decisive for the mechanical-technological properties. Therefore, a continuous cooling transformation
(CCT) diagram can be used to estimate microstructure and mechanical properties in dependence
on the chemical composition and occurring cooling rates. Since no diagram of the applied filler
material is available from the manufacturer, a CCT-diagram of steel with a chemical composition as
similar as possible was used. Figure 12 shows the CCT-diagram of the low-alloyed steel SG36 as
well as the chemical composition [37]. Furthermore, phase formation at different cooling rates and
expectable hardness values are shown. Though, minor deviations in silicon and manganese content of
approximately 0.3% can be seen. Due to this, slight deviations in phase proportions and hardness in
comparison to the used filler wire G4Si1/SG3 may occur.
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Figure 12. CCT-diagram of low-alloyed steel SG36 with comparable chemical composition to the used
welding wire G4Si1/SG3 (1.5130) [37].

The filler material is a hypo-eutectoid steel with a low carbon content of C ≤ 0.07% and increased
percentage of silicon and manganese. Thus, almost no pearlite was formed during cooling (compare
Figure 12). The microstructure was mainly composed of different proportions of intermediate structure
(bainite) and ferrite at moderate cooling rates. At very high cooling rates, e.g., in the first weld bead,
martensite formed.

To correlate process adaptations and resulting metallurgical properties of the previously built
structures (compare Figure 11), cooling rates of the set layers were analyzed during WAAM with
adapted CTWD. Therefore, t8/5-times were recorded layer wise by IR imaging. The analysis was
carried out on each of the first 10 layers due to strongly varying cooling rates. This can be explained
by heat conduction to the substrate, which featured room temperature in the initial state. As a result,
an increasing number of layers led to heat accumulation and rising temperatures in the substrate until
a quasi-stationary condition of heat input and heat transfer was reached. During the manufacturing of
the following 10 layers, measurements were carried out in every second layer. Finally, every 10th layer
was recorded with the exception of layer 35, which is the center of the structure. Figure 13 shows the
resulting t8/5-times during WAAM depending on the layer height and the set CTWD.
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Figure 13. Analysis of the t8/5-time in dependence on the number of layers and CTWD for U = 20 V;
vwire = 5 m/min and vweld = 0.4 m/min (mean values of 3 measuring points per layer).
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The measured t8/5-times in the 1st weld bead of approximately 2 s show small deviations between
the experimental trials with adjusted CTWD. According to the CCT-diagram, the formation of a
martensitic-bainitic microstructure with high hardness values > 257 HV appeared for t8/5-times up
to 4 s. These cooling conditions were measured from the first to the third layer (compare Figure 12).
With increasing structure height and thus longer t8/5-times, the microstructure consisted of varying
proportions of bainite and ferrite (compare Figure 13). The expectable hardness decreased.

Between the 4th and 10th layer, the t8/5-times for a CTWD of 12 mm were slightly lower of
approximately t8/5 = 1.5 s in comparison to a CTWD of 28 mm, respectively 44 mm. This development
is controversial to the process behavior and reduced energy input per unit length with increasing
CTWD. The reason for the opposite development is the fact that the weld bead geometry and thus the
conditions of heat conduction to the substrate change with increasing contact tube distance. The width
of the weld bead (compare Figure 10b) decreased by approximately 0.6 mm (CTWD = 28 mm) or
0.9 mm (CTWD = 44 mm) and consequently also the effective area for heat conduction. The effect of
thermal conduction is the essential driver of heat transfer close to the substrate. This observation is
consistent with the research of Cunningham et al. [7].

From the 12th layer on, the resulting t8/5-times adjusted to an increasingly stationary state between
15 and 20 s. This can be explained by the low amount of introduced thermal energy and the resulting
lower temperature gradients between the structure and the substrate. As a result, stationary cooling
conditions of the set layers can be observed. Herein, a difference in the t8/5-time of approximately 2.5 s
results for the different CTWD adjustments. A correlation between the energy input per unit length
(compare Figure 5) and the resulting cooling rates (compare Figure 13) can be shown throughout
decreasing t8/5-times at reduced energy input. According to the CCT-diagram [37], a microstructural
composition of 63% bainite and 37% ferrite occurred for t8/5-times between 15 to 20 s with hardness
values below 191 HV.

Table 3 shows the estimated phase formation and hardness values for the 1st, 35th and 70th layer.
It should be noted that a CCT-diagram [37], which is designed for a chemically comparable steel was
used. Due to this, slight deviations of the theoretical values to the experimentally measured values
have to be taken into account.

Table 3. Estimation of phase composition and hardness depending on the t8/5-time according to the
CCT-diagram [37] (compare Figure 12).

CTWD
(mm)

Number of
Layer

t8/5-Time
(s)

Phase Formation
(%)

Hardness
(HV30)

12; 28; 44
1 1.8–1.9 Martensitic-bainitic >257

35 15.3–17.5 63% bainite, 37% ferrite <191
70 15.4–17.7 63% bainite, 37% ferrite <191

In the next step, microstructural cross sections of the previously built wall structures with varied
CTWD of 12 mm and 44 mm were taken from the middle of the 1st, 35th and 70th layer. Herein,
microstructural evolution of low-alloyed steel G4Si1/SG3 is shown in dependence on differing cooling
conditions during WAAM. The cross sections are shown in Figure 14.

In the cross sections of the 1st layer, a primarily bainitic structure with accumulations of ferrite
grains is apparent for a CTWD of 12 mm and 44 mm. According to Seyffarth et al. [37], martensitic
phase can be seen in addition to the bainitic microstructure due to t8/5-times < 2 s in the first layer.
With increasing CTWD of 44 mm, the microstructure becomes fine grained, although the measured
cooling rates were equal. This phenomenon can be explained by lower energy input with increasing
CTWD (compare Figure 5). Thereby, lower heat input resulted in decreased grain growth as well as
decreased dilution between filler material and substrate.
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Figure 14. Microstructural cross sections of additively manufactured walls with differing CTWD for
U = 20 V; vwire = 5 m/min and vweld = 0.4 m/min.

The cross sections of the 35th layer show a microstructural composition of coarse-grained ferrite
with embedded globular bainite for a CTWD of 12 mm. An increased CTWD of 44 mm led to a
reduced grain size. This correlated to the decreased energy input per unit length (compare Figure 5)
and reduced t8/5-times in the center of the structure (compare Figure 13). Furthermore, a periodical
reheating of the bead throughout the following layers enhanced grain growth. In the 70th layer a
bainitic-ferritic structure is visible, independently from the adjusted CTWD. This corresponds to the
state of the art [37]. The fine grained microstructure can be explained by a lack of post-weld heat
treatment in the last layer of the WAAM process. Further heat input throughout a following layer is
not present.

Throughout microstructural testing, no structural defects such as a lack of fusion (compare
Figure 11) or porosity could be found. Herein, low energy input per unit length (compare Figure 5)
led to the formation of small and stable melt beads with enhanced decarburization. Furthermore,
the increased silicon content of 1.0% (compare Table 1) in the filler wire provided enhanced binding of
oxygen during solidification.

The verification of microstructural phases was carried out by hardness measurements on the
wall structures described in Chapter 4.3. Therefore, Vickers hardness testing was conducted from the
substrate to the top layer in build-up direction of the work pieces. Figure 15 shows the resulting mean
values of three parallel measuring rows per structure for Vickers hardness testing with a distance of
1 mm between the measuring points.

A CTWD of 44 mm led to mean hardness values of 271 HV1 in the 1st layer, which was
approximately 30 HV1 higher than the mean hardness value at 12 mm CTWD in the same position.
According to the CCT-diagram of the unalloyed steel, martensitic phase exceeds hardness values
of 257 HV1 [37] and can be shown for a CTWD of 44 mm. Despite equal t8/5-times between 12 and
44 mm CTWD, this can be explained by reduced heat input and less dilution between filler material
and substrate. As a result, a fine grained microstructure (CTWD = 44 mm) led to increased hardness.
Moreover, the slightly different chemical composition of the filler wire to the used CCT-diagram must
be considered. Increasing percentage of silicon and manganese of approximately 0.3% might affect
martensite start temperature as well as phase fraction.
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With increasing number of layers, the difference in hardness becomes smaller. From a distance to
the substrate of approximately 20 mm a mean hardness of 180 HV1 can be observed for a CTWD of
44 mm. A decreased CTWD of 12 mm led to mean hardness values of approximately 168 HV1. These
values can be measured with little deviation throughout the additively manufactured structure to
a distance from the substrate of 102 mm (CTWD = 12 mm) respectively 126 mm (CTWD = 44 mm).
The values correspond to the shown cross sections of the 35th layer (compare Figure 12) and verify the
presence of ferritic phase with proportions of bainite according to the CCT-diagram [37].

Independently from the set CTWD an increase in hardness can be seen in the last layers of the
structures up to 220 HV1 (compare Figure 15). This refers to a lack of post-heat treatment in the last
layers and a fine-grained microstructure.
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Figure 15. Hardness measurements of WAAM structures with differing CTWD for U = 20 V;
vwire = 5 m/min and vweld = 0.4 m/min.

5. Summary and Outlook

In this study the influence of the contact tube to work piece distance (CTWD) was investigated
in the context of energy reduction in wire arc additive manufacturing (WAAM). Investigations on
electrical properties such as energy input per unit length ES or short circuit frequency were analyzed.
It could be shown that an increase in CTWD of 10 mm led to a reduction in ES of 10%. A maximum
reduction of 40% could be achieved. Thereby, droplet detaching frequency was reduced throughout
decreasing welding current respectively reduced pinch force. As a result, the formation of increasing
droplet sizes was observed. However, the adaptation of CTWD affected geometrical properties of the
deposited layers as well as microstructural properties of the investigated steel. It was shown, that the
grain size could be influenced by the adjustment of CTWD due to differing cooling rates. As a result,
modified material hardness in the structure emerges.

In WAAM, the adaptation of CTWD is a simple and highly efficient approach, which can be applied
as inline processing strategy in order to regulate energy input during the build-up process. Furthermore,
the processing strategy can be used for wire arc additive manufacturing of work pieces with tailored
properties within the built structures. Herein, dimensional and microstructural modulations can
be implemented.
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Abstract: Simulating the additive manufacturing process of Ti-6Al-4V is very complex due to
the microstructural changes and allotropic transformation occurring during its thermomechanical
processing. The α-phase with a hexagonal close pack structure is present in three different
forms—Widmanstatten, grain boundary and Martensite. A metallurgical model that computes
the formation and dissolution of each of these phases was used here. Furthermore, a physically based
flow-stress model coupled with the metallurgical model was applied in the simulation of an additive
manufacturing case using the directed energy-deposition method. The result from the metallurgical
model explicitly affects the mechanical properties in the flow-stress model. Validation of the thermal
and mechanical model was performed by comparing the simulation results with measurements
available in the literature, which showed good agreement.

Keywords: dislocation density; vacancy concentration; Ti-6Al-4V; additive manufacturing; directed
energy deposition

1. Introduction

Powder Bed Fusion (PBF) is the technique of building thin layer over layer by melting the fine
metal powder. Directed energy deposition (DED), on the other hand, is usually used for building
features on large existing parts as well as for repairing damaged ones. PBF typically adds layers that
are thinner than DED and can therefore create high-resolution structures, whereas DED produces
components at a higher built rate. The primary challenge of DED is that the higher energy input from
the heat source may lead to substantial distortion and higher residual stresses.

DED additive manufacturing (AM) can be considered as computer numerically controlled (CNC)
multipass welding with progressive weldments made on a substrate to create free-form structures.
The added metals can be in either powder or wire form and the heat source a laser or electron
beam. The deposition path is generated from computer-aided design (CAD) geometry and is
preprogrammed in a CNC machine, which makes the process very flexible and suitable for low
volume production, eliminating the need for tooling and dies.This also enables the production of
complicated geometries that are traditionally difficult to produce with conventional manufacturing
processes. Additively manufactured parts of Ti-6Al-4V are traditionally found in human implants [1]
and aerospace components because of the criticality of their applications. However, AM has also been
used to repair aerospace components [2] that have developed defects during operation or production.

A few researchers have performed AM simulations or similar processes for Ti alloys using
thermomechanical–microstructural (TMM) coupled material models. In Baykasoglu et al. [3],
a thermomicrostructural model for Ti6Al-4V was presented and applied to a DED process. Salsi et al. [4]
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presented a similar model and applied it on a PBF process, while Vastola et al. [5] compared the
results when modelling electron-beam melting (EBM) and PBF processes. Song et al. [6] performed a
welding simulation by using a TA15 alloy employing a TMM model. A similar model was utilized for
performing a quenching simulation by Teixeira et al. [7] for alloy Til7. Cao et al. [8] showed an AM
simulation using electron-beam melting without including microstructural coupling. A TMM material
model was employed by Ahn et al. [9] for welding simulation ignoring strain-rate dependence.

In this work, a material model combining metallurgical and flow-stress models described by
Babu et al. [10] is used. This model works for arbitrary phase composition and is an improved version
of that of Babu and Lindgren [11]. The AM process involves cyclic heating and cooling, resulting
in nonequilibrium phase evolution, which can be addressed with this model. The metallurgical
model used in this work was also utilized in the simulation of the AM case described by Charles
Murgau et al. [12], which is included in the current special issue.

2. Physically Based Flow-Stress Model

An incompressible von Mises model was used here with the assumption of isotropic plasticity.
Flow stress was split into two parts [11,13–15]:

σy = σG + σ∗. (1)

Here, σG is a thermal stress contribution from long-range interactions of the dislocation substructure.
The other term, σ∗, is the required friction stress to move dislocations within the lattice and to cross
short-range barriers. Thermal vibrations can assist dislocations to overcome these barriers. Conrad [16]
proposed a similar formulation after analyzing titanium systems.

2.1. Long-Range Stress Component

The long-range term from Equation (1) is derived from Seeger [13] as

σG = mαGb
√

ρi. (2)

Here, m is the Taylor factor that translates the resolved shear stress in various slip systems to effective
stress, b is the magnitude of Burgers vector, G(T) is the temperature-dependent shear modulus, ρi is
the immobile dislocation density and α(T) is a calibrated proportionality factor.

2.2. Short-Range Stress Component:

The strain-rate-dependent part of the yield stress from Equation (1) can be derived according to
the Kocks–Mecking formulation [17,18] as

σ∗ = τ0G

⎡
⎣1 −

[
kT

Δ f0Gb3 ln

(
ε̇re f

˙̄εp

)]1/q
⎤
⎦

1/p

. (3)

Here, shear strength in the absence of thermal energy is denoted by τ0G, and the activation energy
required to overcome lattice resistance is denoted by Δ f0Gb3. Parameters p and q define the shape of
the obstacle barrier for dislocation motion. Further, k is the Boltzmann constant, T is the temperature
in kelvin and (ε̇re f ) and (ε̇p) are the reference and plastic strain rates, respectively.

2.3. Evolution of Immobile Dislocation Density

The evolution of ρi in Equation (2) is modelled as having two components, hardening and
restoration.

ρ̇i = ρ̇i
(+) − ρ̇i

(−). (4)
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2.3.1. Hardening Process

The average distance moved by dislocations before they are annihilated or immobilized is called
mean free path Λ. The Orowan equation shows that the density of dislocations and their average
velocity are proportional to the plastic strain rate. Assuming that the immobile dislocation density also
follows the same relation leads to

ρ̇i
(+) =

m
b

1
Λ

˙̄εp. (5)

The mean free path is computed from grain size (g) and dislocation subcell or subgrain diameter (s) as

1
Λ

=
1
g
+

1
s

. (6)

The subcell formation and evolution are modelled using a relation proposed by Holt [19].

s = Kc
1√
ρi

. (7)

2.3.2. Restoration Processes

Vacancy motion is relevant to the recovery of dislocations. Restoration of the lattice commonly
occurs at elevated temperatures and is therefore a thermally activated restructuring process. Creation
of vacancy requires energy and increases entropy. With increasing temperature and deformation,
vacancy concentration also increases. High stacking fault materials usually exhibit constant flow
stress because of the balance between hardening and recovery. The current model assumes that the
mechanisms of restoration are dislocation glide, dislocation climb and globularization.

ρ̇i
(−) = ρ̇i

(glide) + ρ̇i
(climb) + ρ̇i

(globularization). (8)

The model for recovery by glide can be written on the basis of the formulation by Bergström [20] as

ρ̇i
(glide) = Ωρi ˙̄εp, (9)

where Ω is a function dependent on temperature.
Militzer et al. [21] proposed a model for dislocation climb on the basis of Sandström and

Lagneborg [22] and Mecking and Estrin [23]. With a modification of diffusivity according to
Reference [11], the model can be written as

ρ̇
(climb)
i = 2cγDapp

Gb3

kT

(
ρ2

i − ρ2
eq

)
, (10)

where cγ is a material coefficient and ρeq is the equilibrium value of the dislocation density. Here, Dapp

is the apparent diffusivity that includes the diffusivity of the α − β phases weighted by their fractions
Xα and Xβ, pipe diffusion Dp, as well as effects of excess vacancy concentration cv.

Babu and Lindgren [11] proposed a model for the evolution of dislocation density during
globularization where the effect of grain growth on the reduction of flow stress is only included
when dislocation density is above a critical value ρcr.

if ρi ≥ ρcr

ρ̇i
(globularization) = ψẊg

(
ρi − ρeq

)
; until ρi ≤ ρeq (11)

else

ρ̇i
(globularization) = 0. (12)

95



Materials 2019, 12, 3844

Here, ρeq is the equilibrium value of dislocation density, Ẋg is the globularization rate and ψ is a
calibration constant. Thomas and Semiatin [24] modelled the two-stage process of dynamic and static
recrystallization. Owing to the similarities between globularization and recrystallization, this model
can be adapted.

Xg = Xd + (1 − Xd) Xs. (13)

Here, volume fractions Xg, Xd, and Xs denote total globularization, its dynamic component and the
static component, respectively.

Assuming that grain growth and static recrystallization have the same driving force, the static
globularization rate can be modelled as [25,26]

Ẋs = M
ġ
g

, (14)

where, M is a material parameter. The rate of dynamic globularization was computed on the basis of a
model by Thomas and Semiatin [24] as,

Ẋd =
Bkp ˙̄εp

ε̄p
1−kp eBε̄

kp
p

, (15)

where, B and kp are material parameters.

2.4. Evolution of Excess Vacancy Concentration

The formation and evolution of excess vacancy concentration was modelled by Militzer et al. [21].
In the current work, Militzer’s model was extended by adding the effect of temperature changes.
Further, assuming that only long-range stress contributes to vacancy formation, the model can be
rewritten as

ċv
ex =

[
χ

mαGb2√ρi

Qv f
+ ζ

cj

4b2

]
Ω0

b
˙̄ε − Dvm

[
1
s2 +

1
g2

] (
cv − ceq

v

)

+ceq
v

(Qv f

kT2

)
Ṫ. (16)

Here, χ = 0.1 is the fraction of mechanical energy spent on vacancy generation, Ω0 is the atomic
volume and ζ is the neutralization effect by vacancy emitting and absorbing jogs. The concentration of
jogs (cj) and Dvm and the diffusivity of vacancy are given in Babu and Lindgren [11]. Additionally,
Qv f is the activation energy of vacancy formation.

3. Phase-Evolution Model

A simplified model [27] for the transition between the liquid and solid state was implemented
to take care of temperatures above melting temperature Tmelt. If the temperature is above Tmelt,
the volume fraction of the solid phases was set to zero. In the solid state, the Ti–6Al–4V microstructure
comprises the high-temperature stable β-phase and the lower-temperature stable α-phase. Depending
on temperature and heating/cooling rates, a variety of α/β morphologies can form that gives
varying mechanical properties. The complex relationship between thermomechanical-processing,
microstructure and mechanical properties was investigated by References [28,29]. On the basis of the
literature [30–33], few microstructural features have been identified as relevant concerning mechanical
properties. The three separate α-phase fractions, Widmanstatten (Xαw ), grain boundary (Xαgb ), acicualr
and massive Martensite (Xαm ) and β-phase fraction (Xβ) were included in the current model. Though
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in the current flow-stress model individual α-phase fractions were not included separately, it is possible
to incorporate them when more details about their respective strengthening mechanisms are known.

3.1. Phase Transformations

Depending on the temperature and heating/cooling rates, Ti-6Al-4V undergoes allotropic
transformation. The mathematical model for the transformation is described schematically in Figure 1.
Transformations denoted by F1, F2, and F3 represent the formation of αgb, αw, and αm phases,
respectively, and D3, D2 and D1 show the dissolution of the same phases. If the current volume
fraction of β phase is more than βeq, the excess β phase transforms into an α phase. Here, αgb formation
that occurs in high temperatures is the most preferred, followed by the αw. Remaining excess β fraction
is transformed to αm if the temperature is lower than Tm, (martensite start temperature) and cooling
rate is above 20◦C/s. Conversely, if the current volume fraction of β is lower than βeq, excess α phase
is converted to β. Primarily, the αm phase dissolves to β and αw phases in the same proportion as the
αeq and βeq. Remaining excess αw and αgb transform to β in that order. The equilibrium fraction of the
β phase (see Figure 2) is computed by Equation (17), where T is the temperature in degrees Celsius.

Xeq
β = 1 − 0.89 e

−
(

T∗+1.82
1.73

)2

+ 0.28 e
−
(

T∗+0.59
0.67

)2

T∗ = (T − 927)/24. (17)

Figure 1. Phase-change mechanism.
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3.2. Adaptation of Johnson–Mehl–Avrami–Kolmogrov (JMAK) Model for Diffusional Transformation

The JMAK model [34–36], originally formulated for nucleation and growth during isothermal
situations, can be adapted to model any diffusional transformation. Employing the additivity principle
and using sufficiently small time steps ensures that any arbitrary temperature change can be computed.
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The JMAK model assumes that a single phase X1 that is 100% in volume from the start transforms
to 100% of second phase X2 in infinite time. However, in the case of Ti-6Al-4V, this is not the case,
as it is a α − β dual-phase alloy below β-transus temperature. Hence, in order to accommodate
for an incomplete transformation, the product fraction is normalized with the equilibrium volume.
Conversely, the starting volume of a phase can also be less than 100%, which is circumvented by
assuming that the available phase volume is the total phase fraction. Another complication is the
existence of the simultaneous transformation of various α phases (αw, αgb, αm) to the β phase and back.
This can be modelled by sequentially calculating each transformation within the time increment [27].

3.3. Formation of α Phase

During cooling from the β-phase, the αgb and αw phases are formed by diffusional transformation.
According to the incremental formulation of the JMAK model described by Reference [27],
the formation of αgb and αw can be modelled by the set of equations in rows F1 and F2, respectively,
of Table 1. The Martensite phase is formed at cooling rates above 410 °C/s by diffusion-less
transformation. While cooling at rates above 20 ◦C/s and up to 410 ◦C/s, massive α transformation was
observed to co-occur with Martensite formation [37,38]. Owing to the similitude in crystal structures
between massive-α and Martensite-α, they are not differentiated here except that, above 410 °C/s,
100% αm was allowed to form. An incremental formulation of the Koistinen–Marburger equation
described by Charles Murgau et al. [27] was used here (see equation set in row F3 of Table 1).

Table 1. Models for α-phase formation.

F1

n+1Xαgb=

⎛
⎝1−e

−kgb

(
t∗gb+Δt

)Ngb
⎞
⎠(n Xβ+

n Xαw+n Xαgb

)
n+1Xeq

α −n Xαw

t∗gb=
Ngb

√√√√√√√−ln

⎛
⎜⎜⎝1−

(
nXαw + nXαgb

)
/n+1Xeq

α

nXβ + nXαw + nXαgb

⎞
⎟⎟⎠
/

kgb

F2

n+1Xαw=

(
1−e−kw(t∗w+Δt)Nw

)(
n Xβ+

n Xαw+
n Xαgb

)
n+1Xeq

α −n Xαgb

t∗w=
Nw

√√√√√√√−ln

⎛
⎜⎜⎝1−

(
nXαw + nXαgb

)
/n+1Xeq

α

nXβ + nXαw + nXαgb

⎞
⎟⎟⎠
/

kw

F3 n+1Xαm=

⎧⎨
⎩(1−e−bkm (Tms−T))(n Xβ+

n Xαm );if (Ṫ>410 ◦C/s)

(1−e−bkm (Tms−T))(n Xβ+
n Xαm−n+1Xeq

α );if (20 ◦C/s>Ṫ>410 ◦C/s)

3.4. Dissolution of α Phase

The αm phase formed by instantaneous transformation is unstable and therefore undergoes
diffusional transformation to the αw and β phases on the basis of its current equilibrium composition.
The incremental formulation of the classical JMAK model by Reference [27] and its parameters are
given in row D1 of Table 2. During heating or reaching nonequilibrium phase composition, αw and αgb
can transform into a β-phase controlled by the diffusion of vanadium at the α− β interface. A parabolic
equation developed by Kelly et al. [39,40] derived in its incremental form by Charles Murgau et al. [27]
was used here (see rows D2 and D3 of Table 2).
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Table 2. Models for α-phase dissolution.

D1

n+1Xαm=

(
n+1Xeq

αm−e−km(t∗m+Δt)Nm
)
(n Xβ+

n Xαm−n+1Xeq
αm )

t∗m=
Nm

√√√√√√√−ln

⎛
⎜⎜⎝

(
nXα − n+1Xeq

αm

)
nXβ + nXαm − n+1Xeq

αm

⎞
⎟⎟⎠/km

D2

D3

n+1(Xαw+Xαgb )=

⎧⎨
⎩

n+1Xeq
α fdiss(T)

√
Δt+t∗ ;if (0<(Δt+t∗)<tcrit)

n+1Xeq
α ;if (Δt+t∗>tcrit)

t∗=

⎛
⎜⎝

nXβ

n+1Xeq
β fdiss(T)

⎞
⎟⎠

2

4. Coupling of Phase and Flow-Stress Models

Young’s modulus and Poisson’s ratio were assumed to be identical for both phases. The Wachtman
model [41] for Young’s modulus (E), calibrated using measurements from Babu and Lindgren [11],
is written as

E = 107 − 0.2 (T + 273) e−(1300/T+273), (18)

where T is the temperature in degrees Celsius applied with a cut-off at T = 1050 °C (see Figure 3).
A linear model for Poisson’s ratio (μ) after fitting to measurements by Fukuhara and Sanpei [42] as

μ = 0.34 + 6.34 e−5 T, (19)

where T is the temperature in degrees Celsius (see Figure 3).
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Figure 3. Poisson’s ratio (μ), thermal strain (εth) and Youngs modulus (E).

Using X-ray diffraction, Swarnakar et al. [43] measured the volumetric expansion of unit cells of α

and β phases during heating. On this basis, the average Coefficient of Thermal Expansion (CTE) of
the phase mixture can be calculated using the rule of mixtures (ROM) as in Equation (20), where αα

and αβ give the CTE of α and β phases, respectively. The linear thermal strain can be computed using
Equation (21), plotted in Figure 3. Here, εadj makes the ROM (Equation (20)) nonlinear.

αavg = Xααα + Xβαβ (20)

εth = αavgΔT − εadj (21)

εadj = 1.0e−8T2 − 8.4e−6T + 3.0e−4. (22)
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The thermal conductivity and specific heat capacity of the alloy taken from References [44]
and [45], respectively, are given in Figure 2. The latent heat of phase transformation (α → β) and the
latent heat of fusion were measured to be 64 and (290 ± 5) kJ/Kg, respectively [44].

The yield strength of the phase mixture can be written according to the linear rule of mixtures as

σy = Xασα
y + Xβσ

β
y . (23)

The plastic strain distribution can be obtained assuming an iso-work principle. According to
Reference [46], this can be written as

σα
y ˙̄εα = σ

β
y ˙̄εβ (24)

˙̄εp = Xα ˙̄εα + Xβ ˙̄εβ. (25)

The above formulation ensures that the β phase with lower yield strength has a more significant
share of plastic strain as compared to the stronger α phase. For temperatures above 1100 °C,
(σ>1100 ◦C

y = σ1100 ◦C
y ). The stress–strain relationship predicted by the model for varying strain rates

and temperatures are given in Figure 4. The rate dependence and flow-softening demonstrated by
the model is visible here. A detailed comparison of model predictions and measurements along with
model parameters are given in Babu et al. [10,11].

  20  100  200  300  400  500  600  700  800  900 1000 1100 0.00
0.08

0.16
0.24

0.32
0.40

 0

 2

 4

 6

 8

10

12

14

16

Strain 

0.0010 [s−1]

Temperature [°C]

S
tr

es
s 

[x
10

0 
M

P
a]

˙̄ε = 0.001s−1

  20  100  200  300  400  500  600  700  800  900 1000 1100 0.00
0.08

0.16
0.24

0.32
0.40

 0

 2

 4

 6

 8

10

12

14

16

Strain 

0.0100 [s−1]

Temperature [°C]

S
tr

es
s 

[x
10

0 
M

P
a]

˙̄ε = 0.01s−1

  20  100  200  300  400  500  600  700  800  900 1000 1100 0.00
0.08

0.16
0.24

0.32
0.40

 0

 2

 4

 6

 8

10

12

14

16

Strain 

0.1000 [s−1]

Temperature [°C]

S
tr

es
s 

[x
10

0 
M

P
a]

˙̄ε = 0.1s−1

  20  100  200  300  400  500  600  700  800  900 1000 1100 0.00
0.08

0.16
0.24

0.32
0.40

 0

 2

 4

 6

 8

10

12

14

16

Strain 

1.0000 [s−1]

Temperature [°C]

S
tr

es
s 

[x
10

0 
M

P
a]

˙̄ε = 1s−1

Figure 4. Stress–strain–temperature relationship.

5. Additive Manufacturing

In this article, a DED process described in Reference [47] was simulated using general-purpose
Finite Element (FE) software MSC.Marc. A set of subroutines for modelling the AM process were
implemented in MSC.Marc, which are explained in Lundbäck and Lindgren [48]. A coupled

100



Materials 2019, 12, 3844

thermomechanical–metallurgical model described in the previous sections was also implemented as
subroutines within MSC.Marc.

The dimensions of the substrate (152.4 × 38.1 × 12.7 mm) and AM component are given in
Figure 5. One end of the fixture was held in position by a clamping fixture (see notations in Figure 5).

Figure 5. Dimensions of additive-manufacturing (AM) component.

Three beads were added per layer with a total width of 6.7 mm and a height of 38.1 mm; 42 discrete
layers and their respective beads are also shown in Figure 5. Figure 6 shows the order of deposition
starting with the middle bead, followed by one on each side. Odd layers are deposited in the direction
away from the clamping, followed by even layers in the opposite direction. Figure 6 also shows the
temperature contours and direction of deposition of bead three of the first layer. After each layer,
a dwell time (DT) of 0, 20 and 40 s was applied for studying the effect of varying cooling rates.

Figure 6. Temperature contours in weld pool.

6. Modelling of Additive Manufacturing

In the current work, the scope of the model was to predict microstructure evolution,
the overall distortion of the component and residual stresses. This requires a solution where
thermomechanical–metallurgical models are coupled by using a staggered approach. Figure 7 shows
the coupling of different domains using a staggered approach. The thermal field is solved using
the FE implicit iterative scheme by computing heat input and heat losses by conduction, convection
and radiation. On the basis of the computed temperature in the increment, the metallurgical model
computes the phase evolution for each Gauss point. The computed temperature and phase fractions
are input to solve the mechanical-field equations. A large-deformation FE implicit iterative scheme
was used here, where mechanical and physical properties are strongly dependent on the temperature
and phase composition. Latent heat and volume changes due to phase evolution and deformation
energy converted to heat are included here.
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Figure 7. Coupling of thermomechanical–microstructural fields.

6.1. Heat Source

Modelling of weld-pool phenomena requires high-resolution discretization and at least one other
physics domain, namely, fluid flow. This requires an impractical amount of resources for solving
the problem and can be avoided considering the scope of the current work. The heat input can be
modelled by using volume heat flux in a geometric region representing the weld pool, and is calibrated
using measured temperatures. Goldak’s [49] double ellipsoidal heat-input model was implemented in
the current work, with efficiency calibrated to be 0.29. The parameters of the heat source are given in
Figure 8. See Lundbäck and Lindgren [48] for details on the implementation of this model.

Figure 8. Gaussian distribution of density and double ellipsoid shape in xy plane.

6.2. Modelling of Material Addition

The inactive-element approach was used here, where all elements representing the added metal
were deactivated before the start of the simulation, and only activated after meeting certain criteria.
In each increment, the set of elements that overlapped and the geometric region represented by the
current weld-pool position were thermally activated, whereas mechanical activation occurred only
when the thermally active elements cooled below the solidus temperature. Before thermal activation,
the elements may have had to be moved to accommodate for the distortion of the substrate and the
already activated elements during the process. The moving elements maintained connectivity with the
activated elements, and their volume matched the added material during that time step [48].

6.3. Boundary Conditions

In DED, much of the heat input in the initially deposited layers is absorbed by the substrate.
To balance the heat input, losses by free and forced convection, and conduction to fixtures as well as
radiation were included in the model. A lumped convective coefficient of 18 W/m2/°C was applied to
model the natural and forced convection from shielding gas. Both convective and radiative boundary
conditions were applied on the outer surface of all thermally active elements. A surface emissivity of
0.25 was used here. In the current model, heat losses due to cooling by the fixture were achieved by
using convective heat transfer with a high coefficient of 250 W/m2/°C.
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7. Comparison of Measurements and Simulations

In situ measurement of temperature and distortion was done during the AM process. Three
thermocouples were attached to the bottom of the substrate at the positions shown in the left part of
Figure 5. DTs allowed the component to considerably cool down during the process. In Figure 9a,c,e,
dots denote the thermocouple measurements and lines, predictions from the model. The thermocouple
attached to the middle of the component (TC2) registered the highest temperature, as the other two
were closer to the ends that are subjected to higher convective cooling. The thermocouple attached
close to the clamping (TC3) had the lowest temperature since the fixture acts as a heat sink. Raising
dwell times by 20 s increased cooling, thereby reducing the peaks. As the height of the wall increased,
this effect was less detectable, as this thermocouple was beneath the substrate.
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Figure 9. Comparison of Measurements and Simulations.

The component distortion is measured at the free end by using a laser displacement sensor.
In Figure 9b,d,f, red lines denote the measured values, and the blue lines denote predictions from
the model. The addition of each layer made the component bend downwards due to the thermal
gradient between the top and bottom of the substrate, which is diminished during cooling, producing
oscillations. In order to compare measurement and simulation results, these oscillations were smoothed
out by using the Savitzky–Golay filter [50], and are plotted in Figure 10. Here, dotted lines denote
measurements, and continuous lines denote model predictions. The start and end of the linear region,
its slope and the detection of the first peak can be deduced from Figure 10 and are shown in Table 3.
The peak-to-peak amplitude of the oscillations at the first peak, and also at the start and end of the
linear region are given in Table 3. The measured final bending of the build plate at the outer edge
increased by 0.4 mm for each 20 s increase in dwell time. Simulations also gave a similar result.
Simulation results are given in Table 3 within brackets.
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Figure 10. Comparison of distortions.

Table 3. Comparison of distortion (computed values given in brackets).

0 s (comp) 20 s (comp) 40 s (comp)

Final displacement [mm] 1.2 (1.2) 1.6 (1.6) 2.0 (1.7)
Slope of linear region [10−4mm/s] 3.4 (-0.2) 3.7 (1.1) 3.2 (1.4)
Time at 1st Peak [s] 110 (140) 170 (230) 150 (300)
Amplitude at 1st Peak [10−1mm] 3.5 (3.8) 7.6 (7.0) 6.4 (6.9)
Amplitude at start of linear region [10−1mm] 1.0 (0.9) 6.2 (8.4) 6.6 (6.1)
Amplitude at end of linear region [10−1mm] 0.1 (0.4) 1.1 (0.8) 2.4 (2.1)

Figure 11 shows the residual stress in the welding direction along with its spread measured by
Reference [47] by using hole drilling. The testing location was in the middle of the specimen at the
bottom of the substrate. Results showed that, for the case with dwell times of 0 and 20 s, simulation
results were close to the measurements or within the margin of error; for 40 s, it was slightly below the
margin. Residual-stress distribution after cooling to room temperature in the welding direction and
the von Mises effective stress for the case with dwell time of 0 s are plotted in Figure 12. The predicted
temperature for the case with dwell time of 0 s at the top surface of the substrate above the location of
TC2 is given in Figure 13. The computed α-phase fraction is also provided here. The addition of each
bead is denoted as B1-3, and grey areas in between are the cooling time. In total, five layers are shown
in Figure 13.
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Figure 11. Residual stress.
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Figure 12. Residual stress for 0 s dwell time (model clipped longitudinally in midplane).
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Figure 13. Prediction of phase fraction and temperature.

8. Discussion

The yield strength of the material is very much dependent on state variables of dislocation
density and excess vacancy concentration. The density of these state variables changes by many
orders of magnitude during heating and deformation. Deformation increases dislocation density and
results in hardening, whereas an increase in vacancy concentration (due to heating and deformation)
assists in the remobilization of dislocations, thereby material recovery. The advanced material model
described here combining the metallurgical and flow-stress models has proven to be suitable for
AM simulation. Diffusional and instantaneous transformations are included in the metallurgical
model. This model was formulated in a way that it could be implemented in any standard kind of
finite-element software. Temperature measurements and results from the simulations demonstrated a
good overall fit. This model predicted the final distortion of the component with good accuracy except
for the case with 40 s dwell time. This trend was also evident in the residual-stress measurements.
The comparison of distortion before the onset of cooling showed a larger difference between model and
measurements. This might be because the stress-relaxation behavior was less accurately predicted by
the model. The computed phase fraction in Figure 13 showed that, after the addition of the fourth layer,
the substrate underwent no significant phase evolution. Temperature peaks after 120 s had slightly less
magnitude, and were therefore below the cutoff levels to introduce any phase change. Denlinger and
Michaleris [51] performed the simulation of all the three cases described here. They used an approach
where the plastic strain was reset to zero at a temperature of 690 °C which is a parameter calibrated
for that particular AM case. This transformation-strain parameter made it possible for Denlinger
and Michaleris [51] to include the effects of dwell time, whereas in the current work, mechanisms of
dislocation climb and globularization resulted in the restoration of the lattice.
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9. Conclusions

One of the challenges involved in the AM process is residual deformation and stresses due to the
thermal dilatation of the substrate and added structure. The final properties of the AM structure are
strongly influenced by the microstructure, which is dependent on the thermomechanical-processing
history of the component. For the industry to fully adopt additive manufacturing and be able to
qualify titanium parts for critical applications, such as in aerospace, a complete understanding
of the microstructure properties and mechanical behavior is necessary. This paper showed the
implementation and application of a coupled microstructural–thermal–mechanical model to an AM
process. A physically based constitutive model was explicitly coupled to the microstructural model.
The phase composition predicted by the microstructural model therefore affected the mechanical
properties, namely, flow strength, in a direct way. Validation of the thermal and mechanical model
was performed by comparing the simulation results with the available measurements in the literature.
The comparison had good agreement between the results from the model and the measurements.
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Abbreviations

The following abbreviations are used in this manuscript:

DED Directed Energy Deposition
TMM Thermomechanical-Microstructural
AM Additive Manufacturing
JMAK Johnson–Mehl–Avrami–Kolmogrov
PBF Powder Bed Fusion
FE Finite Element
ROM Rule of Mixtures
CTE Coefficient of Thermal Expansion
CAD Computer Aided Design
CNC Computer Numerical Controlled
DT Dwell Time
TC Thermocouple
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Abstract: Titanium-based alloys are susceptible to hydrogen embrittlement (HE), a phenomenon
that deteriorates fatigue properties. Ti-6Al-4V is the most widely used titanium alloy and the effect
of hydrogen embrittlement on fatigue crack growth (FCG) was investigated by carrying out crack
propagation tests in air and high-pressure H2 environment. The FCG test in hydrogen environment
resulted in a drastic increase in crack growth rate at a certain ΔK, with crack propagation rates up to
13 times higher than those observed in air. Possible reasons for such behavior were discussed in this
paper. The relationship between FCG results in high-pressure H2 environment and microstructure
was investigated by comparison with already published results of cast and forged Ti-6Al-4V. Coarser
microstructure was found to be more sensitive to HE. Moreover, the electron beam melting (EBM)
materials experienced a crack growth acceleration in-between that of cast and wrought Ti-6Al-4V.

Keywords: fatigue crack growth (FCG); electron beam melting (EBM); Ti-6Al-4V; hydrogen
embrittlement (HE)

1. Introduction

Oxygen and hydrogen are used as fuel for space rockets [1]. Hydrogen is combusted rapidly in
an oxygen-rich environment and a high propelling force can be achieved, as the energy density for
hydrogen is high (142 MJkg−1) [2]. Although hydrogen is excellent for combustion it can cause hydrogen
embrittlement (HE), which deteriorates the mechanical properties. HE occurs at or ahead of crack tips
because at these locations tri-axial stresses are present [3]. These stresses render slightly expanded
lattices, making it more energetically favorable for the hydrogen to diffuse to this location. Once at the
crack tip the hydrogen causes degraded properties due to one or several HE mechanisms [4,5].

Additively manufactured Ti-6Al-4V has achieved large interest within the space industry since
it can reduce weight and lead time. Ti-6Al-4V is a dual-phase alloy, consisting of both α and β

phase [6]. In the α phase, which has a hexagonal close-packed crystal structure, the diffusion rate of
hydrogen is lower compared to the body-centered cubic β phase [7]. The amount of β phase at room
temperature is not as high compared to the α phase. The microstructure is different for Ti-6Al-4V
material built with the additive manufacturing (AM) process electron beam melting (EBM) compared to
conventionally wrought or cast material [8,9]. In Ti-6Al-4V manufactured with EBM, the prior β grains
grow epitaxially towards the heat source, which renders a columnar structure perpendicular to the built
layers [9–12], a unique morphology that is observed in neither cast nor wrought titanium. At the grain
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boundary of the β phase, there is nucleation of α phase when the temperature is reduced below the β

transus temperature (995 ◦C for Ti-6Al-4V [8]). Within these columnar β grains, EBM built Ti-6Al-4V
typically has a basketweave microstructure. Wrought Ti-6Al-4V microstructure consists of primary α

combined with Widmanstätten microstructure [8,13], called bimodal or duplex microstructure. Cast
microstructures normally consist of coarse prior β grains with large α colonies, where the α laths
within the colonies are oriented in the same crystal orientation.

Diffusion is an important part of the HE mechanisms [4] where microstructure plays an important
role. Tal-Gutelmacher et al. [14] investigated the effect of hydrogen solubility for Widmanstätten and
bimodal microstructures. The conclusion was that fully lamellar Widmanstätten microstructure had
several orders of magnitude higher hydrogen solubility than the bimodal microstructure, which was
explained by the continuous β phase in the fully lamellar structure.

Texture can affect the ingress of hydrogen and the hydride formation [15,16] but the texture of
EBM built Ti-6Al-4V has been shown to be weak [17]. Residual stresses, which are known to be present
in various AM processes [18–21], can furthermore affect the fatigue crack growth (FCG) rate. However,
Maimaitiyili et al. [22] did show that there are no or small residual stresses in as-built EBM Ti-6Al-4V.

Rozumek et al. [23] showed that the FCG rate in Ti-6Al-4V is highly depending on post processing.
By performing a hardening and ageing heat treatment five times higher fatigue life was obtained.

Relevant for space applications are the cryogenic properties and temperature has been shown
to have a strong effect on FCG properties. Increased temperature renders an increased diffusion rate
of hydrogen [14], and two temperatures were investigated by Pittinato [24]; −129 ◦C and −73 ◦C. At
−129 ◦C there was no difference in the FCG rate in helium and hydrogen atmospheres, whereas at −73
◦C there was an increase in FCG rate in hydrogen environment.

FCG experiments have previously been performed on a wide range of Ti-6Al-4V material [24–27],
but few of these studies concerned hydrogen environment and additive manufacturing. In previous
studies, the FCG properties of conventionally manufactured Ti-6Al-4V in high-pressure hydrogen was
performed by Gaddam et al. [26,28] showing that microstructure has an effect on the FCG properties in
hydrogen. Cast Ti-6Al-4V with coarser microstructure was shown to have inferior FCG properties
compared with forged material with fine microstructure.

In this work, the effect of hydrogen embrittlement on FCG properties of EBM built Ti-6Al-4V
has been investigated. Samples have been exposed to either air or high-pressure (150 bar) hydrogen
atmosphere at room temperature. The EBM built material has been compared to previous results [26,28]
for cast and forged materials, and the differences in FCG properties have been linked to the different
types of microstructures. To further investigate the hydrogen embrittlement, fractography was
performed along with crack profile characterization.

2. Experimental Method

2.1. Material

EBM Ti-6Al-4V samples were manufactured with an Arcam Q20+machine, using a layer thickness
of 90 μm. Cylinders were manufactured having a length of 135 mm and a diameter of 25 mm. The layers
were oriented perpendicular to the major axis of the cylinders i.e., the applied load during the FCG tests
was perpendicular to the AM built layers. The powder used was Ti-6Al-4V B110 (Virgin Hoeganaes) in
accordance with the aerospace material specification AMS 4992. Prior to testing, the samples received a
hot isostatic pressure (HIP) treatment at 920 ± 10 ◦C for two hours with a pressure of 1020 bar, followed
by a heat treatment at 704 ± 10 ◦C for two hours. Both HIP and heat treatment were conducted in
argon. Out of the manufactured cylinders, Kb bars were machined (see Figure 1) using low stress
grinding and polishing of the gauge section. A tensile test was performed on the post treated material
and the result showed a yield strength of 890 MPa and tensile strength 990 MPa.
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Figure 1. Sketch of Kb bar specimen. Dimensions in mm (printed with permission from Metcut
Research).

2.2. FCG Experiments

The FCG test in air was conducted at Metcut Research Inc., Cincinnati, OH, USA, while the
hydrogen testing was conducted at The Welding Institute (TWI) in Cambridge, UK. One Kb bar was
tested in a hydrogen-rich atmosphere with a pressure of 150 bars and two Kb bars were tested in air
at ambient temperature. The samples were designated H-A, Air-A, and Air-B, respectively. All tests
were stress-controlled and performed at room temperature with the max loads; 645 MPa for H-A,
534 MPa for Air-A, and 528 MPa for Air-B. The FCG testing fulfills the requirements for plane strain
conditions. The pre-cracking was performed using a frequency of 10 Hz. Tint temperatures between
450 ◦C to 350 ◦C were used to mark the crack propagation. The fatigue tests were performed with
a uniaxial load perpendicular to the AM built layers with R = σmin/σmax = 0 and a test frequency of
0.5 Hz, using a triangular waveshape. The crack propagation was measured using potential drop.
The pre-crack and final crack sizes were measured using heat tinting and these sizes were correlated to
the potential drop signal. The translation from the potential drop signals to crack sizes were made
using a calibration curve [29]. Corrections were made so that the measured pre-crack and final crack
sizes and corresponding potential drop values were consistent with the calibration curve. The FCG rate
was then computed per data point using the secant method (ASTM E647-15e1). Once the FCG crack
reached a certain length the remaining material was heat tinted to reveal the final crack length and
fractured in tension using a monotonically increasing load. The equation used for the experiment was:
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where S is the tensile strength, a the crack depth, Q elliptical crack shape factor, Fs boundary correction
factor, t thickness of the sample, b half-width of the sample, and c half-width of the crack. See [30] for
full solution.

2.3. Fractography and Microstructural Characterization

For overview images of the fracture surfaces a stereomicroscope (Nikon SMZ1270) was utilized,
whilst for fractography a scanning electron microscope (SEM, Jeol IT300LV) was used. Crack profiles
were made on the hydrogen and air-tested samples, first by cutting cross-sections parallel to the x-x’
plane according to Figure 1. Then, by grinding and polishing carefully, the desired positions were
reached in the plane perpendicular to the x-x’ plane (edge of notch). The grinding was monitored
using a stereomicroscope. The crack profile was characterized with light optical microscope (LOM,
Nikon eclipse MA200) and SEM. For microstructural characterization, a representative cross-section
was ground and polished according to the conventional sample preparation techniques for titanium,
then etched using Kroll’s etchant (see ASTM Standard E 407). To investigate the microstructure at low
magnification a LOM was used. The software Image J version 1.52a [31] was used to measure the
width of the α laths and prior β grains; 100 measurements were performed for each microstructural
feature to obtain the average size.
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3. Results

3.1. Microstructure

The EBM Ti-6Al-4V material consisted of columnar prior β grains. The grain boundaries are
illustrated as black dotted lines in Figure 2a and they were elongated parallel to the build direction, with
lengths up to approximately 2 mm. In the plane perpendicular to the build direction, the prior β grains
were equiaxed, with widths of ~100 μm. The prior β grains were partially separated by discontinuous
grain boundary α (GB-α) and the microstructure within the prior β grains was basketweave, with an
average α lath width of 2.2 ± 0.6 μm, see Figure 2b.

Figure 2. In (a) columnar prior β grains and in (b) the basketweave microstructure are shown. The black
arrow in the bottom left corner in (a) points towards the build direction (BD).

3.2. Fatigue Crack Growth

Different plots of FCG test data are shown in Figures 3–5; crack length versus number of cycles,
crack growth rate versus ΔK, and ratio between crack growth rate in hydrogen (specimen H-A) and
air (specimen Air-B). The two air-tested samples followed the Paris law with similar inclination (see
Figure 4). The hydrogen-tested sample, on the other hand, has a fluctuating crack growth rate in the
first stage of the test. After the fluctuating stage, at ΔK ~23 MPa

√
m, a sudden increase in crack growth

rate was observed. The resulting increase in crack length is shown in Figure 3: After ~5600 cycles there
is a sudden offset in crack growth rate for H-A, whereas for Air-A/B no such abrupt offset is present.
Figure 5 shows that below ~23 MPa

√
m the relative crack propagation rate is around one, indicating no

difference in air and hydrogen tests. Around this value of ΔK (23 MPa
√

m), the crack propagation rate
ratio started to increase, and continues to do so at a constant rate up to ~32 MPa

√
m, where it reaches a

plateau. By then, the crack propagation rate of the material tested in hydrogen is over 12 times higher
than in air.
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Figure 3. Crack length versus the number of cycles for all three tested electron beam melting (EBM)
samples. At ~5600 cycles the crack length of the hydrogen-tested sample accelerates.

Figure 4. Crack growth rate versus ΔK. The hydrogen-tested material fluctuates below 23 MPa
√

m,
while accelerating above. The air-tested material follows Paris law.
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Figure 5. Relative crack propagation rate between hydrogen and air-tested material versus ΔK.
At 23 MPa

√
m the relative crack propagation increases steadily while reaching a plateau at 31 MPa

√
m.

3.3. Fractography

Figure 6 shows the fracture surface of the hydrogen-tested sample (H-A). A change in macroscopic
appearance was observed at a crack length ~1 mm (this crack length is shown in Figure 3 to coincide
with the accelerated crack growth), which corresponded to ΔK 23 MPa

√
m and the location of this

ΔK is shown by a white dashed semi-ellipse in Figure 6 (in-between X and Y line). The lines X, Y,
and Z shown in Figure 6, following semi-elliptic paths, correspond to fractographic locations where
the fracture surface has been characterized extra carefully. The X line surrounds the pre-crack, Y is
in the middle of the crack, and Z is at the end of the crack. Table 1 presents lengths and widths of
notch, pre-crack, and the fatigue crack of all samples. The lengths a and 2c of the final fatigue crack are
illustrated in Figure 6.

Figure 6. Overview of H-A fracture surface. The two tint temperatures, 450 and 350 ◦C, resulted in the
two different golden color contrasts shown in the figure. “2c” represents the width and “a” the length
of the crack. The three semi-elliptical dashed lines X, Y, and Z show profiles where fractography was
performed in higher detail. The white dotted line in-between the X and Y lines corresponds to the ΔK
23 MPa

√
m. The vertical white line indicates the cross-section where crack profiles were investigated.
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Table 1. Notch, pre-crack, and final fatigue crack lengths (a), widths (2c), and their ratio (a/c), for the
three investigated samples Air-A/B and H-A.

Sample Feature a (mm) 2c (mm) a/c

Air-A

Notch 0.18 0.35 1.03
Pre-crack 0.64 1.25 1.02

Fatigue crack 3.32 7.01 0.95

Air-B

Notch 0.17 0.36 0.94
Pre-crack 0.59 1.27 0.93

Fatigue crack 2.75 5.56 0.99

H-A

Notch 0.18 0.34 1.06
Pre-crack 0.55 1.20 0.92

Fatigue crack 2.64 6.02 0.88

In Figure 7a,b representative areas along Y and Z in Figure 6 of the fracture surface of the
hydrogen-tested sample are shown, in Figure 7c the position of the crack profile in the ground specimen
(white vertical line in Figure 6) is shown. A transition in fracture surface is shown in Figure 7a, below
the white dashed semi-ellipse corresponding to crack length where the ΔK was 23 MPa

√
m. At this

ΔK the fracture surface starts to transition from flat to rough. In Figure 7b (region Z) large cracks,
exceeding lengths of 100 μm, are observed on the fracture surface.

Figure 7. In (a) the transition zone from flat to rough fracture surface (the white dotted semi-ellipse
shows ΔK 23 MPa

√
m), whereas (b) shows a rough fracture surface with large cracks. In (c) a section of

H-A fracture surface is shown, cut as indicated by the vertical white line in Figure 6.

Figure 8 shows the characteristic fracture surface of the air-tested material, in Figure 8a higher
magnification, whereas in Figure 8b lower magnification. The transition area observed in Figure 7,
from flat to rough, did not exist in the air-tested material, neither do the large cracks.
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Figure 8. (a) 100× magnification fracture surface image of air-tested material (sample Air-B) in the
region ~Y. (b) lower magnification image that shows an overview of the whole fracture surface. The
black arrow points towards the crack propagation direction.

In Figure 9 representative images of the fracture surface are shown along the profiles X to Z (see
Figure 6 for illustration of the locations on the fracture surface). In the air-tested samples, striations
were observed along the whole fatigue crack, becoming increasingly larger the greater the ΔK became.
In Air-B, section X, striations were only observed at higher magnification, whereas in section Z they
were clearly visible for the present magnification (2000×).

Figure 9. Images of the three sections X-Z (see Figure 6 for locations of the areas on the fracture surface)
for one air (sample Air-B) and one hydrogen (sample H-A) tested sample. The images are in the
same magnification and the white arrow in the bottom right indicates the crack propagation direction.
In section Z of Air-B, examples of striations are indicated with the white arrows. In sections Y and Z of
H-A, white arrows point at cracks; their dimensions increase from the former section to the latter.
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In the hydrogen-tested sample, the fracture surface on the first stage of the fatigue crack (section X)
appeared flat. With increased ΔK (above 23 MPa

√
m i.e., section Y) an increase in fracture surface

tortuosity aroused, along with the appearance of small cracks. Then, towards the end of the fatigue
crack (section Z), larger cracks were observed with dimensions of ~100 μm. At the flat area of the
H-A’s fracture surface, i.e., below 23 MPa

√
m, features that resembled crack arrest marks (CAM)

were observed. Crack propagation stops at the CAM interface, causing the formation of these marks.
The origin could for example be the cleavge of a hydride. In Figure 10 features that resemble CAMs
are marked by white arrows, where each plateau is the end of a CAM, which according to literature
could indicate the interface between the hydride and titanium base metal [4,32]. Note that the CAM
locations were not numerous.

Figure 10. An area with features that resembled crack arrest marks (CAM). Each white arrow indicates
a possible CAM, where each plateau could be a hydride titanium interface between cleaved hydrides.
The black arrows show the crack growth direction.

Figure 11 is a high magnification image of a fracture surface cross-section in the hydrogen tested
material. Secondary cracks were present across α/β interfaces. The crack path can be seen on the upper
right corner, showing that the crack propagated along an α lath, seemingly in the α/β interface.
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Figure 11. Image of a crack profile for sample H-A. It shows secondary cracks that grow across
α/β interfaces. In the upper right corner, the crack propagated along an α lath, seemingly in the
α/β interface.

In Figure 12 two crack profiles are shown (one for Air-B and one for H-A). The crack profiles
correspond to the cross-section illustrated as a white vertical line in Figure 6. Crack profiles covering the
whole fracture surface from notch to final tensile fracture were obtained in LOM, while the remaining
images, Figure 12a–e, were obtained in an SEM using backscattered electrons.

The crack profile showed a similar pattern as was observed on the fracture surfaces. For H-A, in
the region from the start of crack to ΔK 23 MPa

√
m, few cracks are observed i.e., image (c), from 23

MPa
√

m and onwards large vertical (perpendicular to the crack direction) cracks were observed. With
higher magnification also numerous small secondary cracks were observed after the ΔK 23 MPa

√
m,

see Figure 12d. Note that these smaller secondary cracks had no connection to the main crack. For the
H-A sample, three areas are shown in higher magnification; in-between pre-crack and 23 Pa

√
m i.e., (c),

after 23 MPa
√

m i.e., (d), and before final crack i.e., (e). In (c) the crack profile was less tortuous and
no vertical cracks or secondary cracks were observed. However, directly after 23 MPa

√
m, secondary

cracks were observed as shown in Figure 12d. After area (d), deep vertical cracks appeared as shown in
(e). The maximum major axis for the secondary cracks was in the dimensions of 10 to 20 μm, whereas
the vertical cracks reached about 50 to 70 μm.

The hydrogen-tested sample had a tortuous crack profile, whereas the air-tested sample had
a comparably straight crack path, with a homogeneous appearance throughout the various ΔK.
The cracks propagated both parallel to the direction of α laths in the α/β interface and perpendicular
to the laths, for both the air and hydrogen-tested material. Due to the build-orientation of the samples
in regard to the load, the propagation of the fatigue crack was perpendicular to the major axis of the
prior β grains i.e., perpendicular to the heat gradient, thus no propagation along grain boundary α

could be observed.
For the air-tested material, no deep cracks were observed along the crack profile and features that

appeared to be cracks on the fracture surface were shown to be superficial. In Figure 12b, the largest
identified crack in Air-B sample is shown. The vertical cracks shown in (e) both propagated parallel to
an α lath in the α/β interface, then switched to propagation across several α laths. The location of the
notch, pre-crack and final crack were approximately the same for both H-A and Air-B, as was shown
in Table 1.
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Figure 12. Crack-profiles of Air-B and H-A samples. The crack profiles correspond to a cross-section
illustrated in Figure 6 as a white vertical line. In H-A, many larger cracks that grew perpendicular to
the fracture surface were observed, along with numerous smaller secondary cracks that grew parallel.
In H-A the crack path was tortuous, whereas in Air-B it was comparably smooth. Compared to H-A no
cracks were present in Air-B. Images (a–e) show magnified areas.
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4. Discussion

4.1. Comparison between Hydrogen and Air Atmospheres

As discussed and observed by Lynch [4,33] and others [26,34–39], the mechanical properties of
titanium are expected to deteriorate when exposed to hydrogen, due to HE [3]. Such deterioration
of the mechanical properties was observed in this work. When exposing the EBM built Ti-6Al-4V to
hydrogen-rich atmosphere, hydrogen can be absorbed and diffused throughout the material to the
crack tip. At the crack tip the hydrogen can interact with the titanium either by the nucleation of
hydrides, resulting in HE through brittle fracture of titanium hydrides, or through one or several
other HE mechanisms [4,34–36,40]. On the first stages of the test the FCG rate fluctuated (as shown in
Figure 4 and this is believed to be due to temporarily arrests of the crack i.e., CAMs. The nucleation
and cleavage of hydrides are suggested in literature to be repeated, forming a relatively flat region on
the fracture surface with the presence of features such as CAMs (see Figure 10) [26,32].

At ΔK 23 MPa
√

m, the FCG rate abruptly increased, which was likely due to one or more of the
non-hydride forming mechanisms. These mechanisms are called hydrogen enhanced local plasticity
(HELP) [34], adsorption induced dislocation emission (AIDE) [4], and hydrogen enhanced de-cohesion
(HEDE) [35,36], thoroughly explained in a review paper by Lynch [4]. From the fractography and
the crack profiles, it could be shown that cracks appeared once the ΔK increased above 23 MPa

√
m.

The crack profile showed that two types of cracks were present, vertical and secondary cracks.
The vertical cracks were both deeper and wider than the secondary cracks. These two types of cracks
were not present in the air-tested samples, thus it is evident that the hydrogen influenced the formation
and subsequent propagation of these different types of cracks. The presence of secondary cracks across
the interface between α laths and residual β phase is most probably related to the faster diffusion rate
of hydrogen in the β phase and its larger hydrogen storage capacity. This would be coupled with the
formation of hydrides since the α phase is a strong hydride forming phase [39]. Underneath the crack
path, stress fields were present as well, causing further cracking of these hydrides. Thus, the presence
of hydrogen influenced the crack tortuosity.

The relative crack growth rate between the hydrogen and air-tested samples, as shown in Figure 5,
clearly shows the critical effect of the presence of hydrogen on titanium: At high ΔK, the FCG rates
were roughly 10 times larger in a hydrogen atmosphere. As previously discussed, there was an
acceleration in the FCG rate at 23 MPa

√
m. However, Figure 5 also shows that this acceleration did not

continue until final failure. At ΔK > 31 MPa
√

m, the relationship between the hydrogen and air-tested
samples seemed to have reached a plateau, indicating that increased ΔK in this range and increased
hydrogen content ahead of the crack tip did not promote additional acceleration of the FCG rate for
EBM built Ti-6Al-4V. Apart from the presence of secondary cracks, the fracture surface cross-section of
the hydrogen and air-tested material differed regarding crack path. The crack path in hydrogen-tested
material was tortuous in nature, whereas it was relatively flat in air-tested material. Crack paths of both
specimen types crossed through α laths, as well as propagated parallel to α laths in the α/β interface.

4.2. Comparison with Cast and Wrought Ti-6Al-4V

In Figures 13 and 14, the FCG properties of the investigated Ti-6Al-4V EBM samples are compared
to those of forged and cast material of the same alloy (data source: Gaddam et al. [26,28]), both in air
and hydrogen atmospheres. The data in these references have been obtained through testing with
similar ΔK.
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Figure 13. Fatigue crack growth (FCG) data for EBM, forged [26], and cast [28] Ti-6Al-4V. The FCG
properties of material exposed to air and hydrogen atmosphere are shown, where the crack growth rate
da/dN is plotted on the y-axis and the ΔK on the x-axis.

Figure 14. FCG data for EBM, forged [26], and cast [28] Ti-6Al-4V. The y-axis shows the crack
propagation rate in hydrogen divided by the crack propagation rate for air, the x-axis shows ΔK.
The dashed box is a magnified image to more clearly show the critical points in crack growth rate for
the EBM and forged material.

In Figure 13 the crack growth rate (da/dN) is plotted against ΔK (MPa
√

m). In Figure 14 the
crack propagation rate in hydrogen environment relative to that in air is plotted as a function of ΔK.
A difference in FCG rate behavior was observed between the material exposed to the high-pressure
hydrogen and air: For the air-tested material, the FCG rate followed Paris law. For the hydrogen-tested
material the FCG rate fluctuated at first, then at certain ΔK, depending on the microstructure, the FCG
rate increased fast. The dotted square in Figure 14 is a magnified area to make it easier to distinguish
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the difference between the EBM and forged materials. In cast Ti-6Al-4V, this occurrence appears at a ΔK
of ~17 MPa

√
m; in EBM-built Ti-6Al-4V, at ~23 MPa

√
m; in forgings of the same alloy, at ~26 MPa

√
m.

In Figure 14 it is furthermore shown that the maximum FCG rate difference between the hydrogen and
air atmosphere was 160 times for the cast material, whereas for the EBM material it was 10 times and
the forged material 5 times, all values at ΔK = 29 MPa

√
m.

The micrographs in the two cited papers by Gaddam et al. [26,28] were utilized as a basis for
microstructural comparison. It has been observed that the microstructure of forged Ti-6Al-4V consisted
of islands of primary α grains with basketweave microstructure surrounding them, i.e., bimodal
microstructure. The microstructure of cast Ti-6Al-4V [28] consisted of coarse prior β grains with large
α colonies with α laths with the same crystal orientation, i.e., α laths that grow parallel to each other
and not perpendicular such as in the basketweave microstructure. The cast material also had prior
β grains that appeared equiaxed, being surrounded with a continuous layer of grain boundary α.
By comparing these results with the microstructural features of the EBM material, it can be concluded
that the cast material had the coarsest microstructure of the investigated materials.

The diffusion rate has a key role in the HE mechanisms [4]. The main parameters that determine
the diffusion of hydrogen in a given material are hydrogen concentration gradients, temperature,
presence of hydrostatic stresses, and microstructure [14,41]. The phase distribution and grain size
of the microstructure are well linked to the diffusion properties in the material [41]. As discussed
by Yazdipour et al. [41] and Ichimura et al. [42] a two-fold effect exists where the number of grain
boundaries affects the diffusion rate. Finer grain structure implies an increased amount of grain
boundaries, which are the fastest diffusion paths and thereby enhance hydrogen diffusion rate. On the
other hand, increased amounts of grains and grain boundaries render an increased grain boundary
triple junction density, sites that act as hydrogen traps and decrease hydrogen diffusion rate. These
effects compete, increasing or decreasing the hydrogen diffusion.

Differences in hydrogen diffusion in the materials analyzed in this work might also be due to
proportions of β and α phases. Hydrogen is much more soluble in body centered cubic (BCC) β than
in hexagonal close packed (HCP) α [14], due to its preferential absorption in tetrahedral sites [43],
which are more abundant in BCC crystal structures than in HCP. As a result, relatively low hydrogen
content generates hydrides in α titanium.

The FCG behavior of cast Ti-6Al-4V illustrated in Figure 13 can be explained as follows. Cast
Ti-6Al-4V has been shown to have a higher β phase fraction than the same alloy produced by EBM [44].
In addition, the casting’s coarse microstructure means a lower number of hydrogen traps. Both these
reasons favor faster hydrogen diffusion. Then, due to faster diffusion rate sufficient hydrogen is
diffused ahead of the crack tip, for the material to experience at least one of the HE mechanisms at 17
MPa

√
m, which accelerates the FCG rate even further, reaching a relative FCG rate that is ~160 times

higher in hydrogen than in air. Then the same phenomena happen for the EBM and forged material
at 23 MPa

√
m and 26 MPa

√
m, respectively. The results are in well accordance to Tal-Gutelmacher

et al. [14], that also found the bimodal microstructure to be less sensible to HE than the Widmanstätten
microstructure with its more continuous network of residual β phase.

5. Conclusions

By performing FCG experiments of EBM built Ti-6Al-4V in hydrogen and air atmosphere and
then comparing the results with already published data of cast and forged Ti-6Al-4V the following
conclusions can be made:

• By exposing the EBM built Ti-6Al-4V material to a hydrogen-rich environment the FCG rate
increased significantly above ΔK 23 MPa

√
m compared to the air environment. Below ΔK 23

MPa
√

m the hydrogen-tested material fluctuated, whereas the air-tested material followed Paris
law throughout all the ΔK.

• With increased ΔK secondary cracks became numerous and large for the hydrogen-tested material.
Two types of cracks were observed; smaller secondary cracks that formed across α/β interfaces,
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predominantly parallel to the main crack direction and large cracks that grew perpendicular to
the main crack direction, being connected to the main crack.

• The crack path of the hydrogen-tested material differed from that of the air-tested material in
tortuosity, where the hydrogen-tested material was more torturous than the comparably flatter
air-tested material.

• Relative to already published FCG results of wrought and cast Ti-6Al-4V, EBM built Ti-6Al-4V
was found to have better FCG properties in high-pressure hydrogen compared to cast material
while being slightly lower than wrought.
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Abstract: Residual stress/strain and microstructure used in additively manufactured material are
strongly dependent on process parameter combination. With the aim to better understand and
correlate process parameters used in electron beam melting (EBM) of Ti-6Al-4V with resulting phase
distributions and residual stress/strains, extensive experimental work has been performed. A large
number of polycrystalline Ti-6Al-4V specimens were produced with different optimized EBM process
parameter combinations. These specimens were post-sequentially studied by using high-energy
X-ray and neutron diffraction. In addition, visible light microscopy, scanning electron microscopy
(SEM) and electron backscattered diffraction (EBSD) studies were performed and linked to the other
findings. Results show that the influence of scan speed and offset focus on resulting residual strain
in a fully dense sample was not significant. In contrast to some previous literature, a uniform α-
and β-Ti phase distribution was found in all investigated specimens. Furthermore, no strong strain
variations along the build direction with respect to the deposition were found. The magnitude of
strain in α and β phase show some variations both in the build plane and along the build direction,
which seemed to correlate with the size of the primary β grains. However, no relation was found
between measured residual strains in α and β phase. Large primary β grains and texture appear
to have a strong effect on X-ray based stress results with relatively small beam size, therefore it is
suggested to use a large beam for representative bulk measurements and also to consider the prior β
grain size in experimental planning, as well as for mathematical modelling.

Keywords: residual stress/strain; electron beam melting; diffraction; Ti-6Al-4V; electron
backscattered diffraction; X-ray diffraction
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1. Introduction

Titanium-based alloys have been widely used as engineering materials in many industries because
of their excellent combination of a high strength/weight ratio and good corrosion resistance [1].
Application of the titanium and its alloys can be found in many different industries ranging from the
aerospace to consumer goods, e.g., heat exchangers, automotive, offshore petroleum, gas exploration
and medical implants [1]. Among various titanium alloys, Ti-6Al-4V is by far the most commonly used
and accounting for some 50% of the total titanium output in the world [1]. However, extracting high
purity titanium and the production of usable raw Ti-6Al-4V is a difficult and expensive process.

Many additive manufacturing (AM) techniques have been developed to fabricate geometrically
complex and fully dense metal parts for a variety of applications. The most common AM methods use
a laser or electron beams as the power source. In comparison with conventional methods, the electron
beam melting (EBM) method has the advantage of increased component complexity with limited
manufacturing expertise, shorter lead times, reduced material waste and minimum or almost zero
tooling cost [2–4]. In the EBM, electromagnetic lenses are used for focusing and guiding of high-energy
electron beams to selectively melting the ingredient powder to form a three-dimensional solid object
point by point and layer-by-layer bases. The process is a fully computer controlled automatic system.
Electron beam melted Ti-6Al-4V and its microstructure have previously been described by [3–6].
Despite the young age of the EBM process, it has already been demonstrated that it can create
defect-free complex products with good mechanical properties, such as functionally graded cellular
structures [7–10]. However, the EBM process is complex, and the results depend upon the variables
of the system, such as beam power (beam current), beam size, scan speed, and scan direction/scan
strategy. These are collectively referred to as process parameters. Thus, each set of process parameter
settings produces a different built environment and cooling conditions, and as a consequence, different
microstructures are observed [2,11] as well as possible different states of residual stress/strain (RS)
and texture [12–15].

RS is internal, self-balanced stress that exists in alloy systems without any external applied forces
and may appear during mechanical, thermal or thermochemical processing [16–18]. Depending on the
compressive or tensile nature and magnitude of the RS, it significantly affects the mechanical properties
of the materials. Lack of understanding RS distribution and the effect of different processing on the
stress may create serious consequences [19]. Therefore, it is crucial to know the nature and magnitude of
RS in the material for safe and economical operation. AM processes, such as EBM have already proven
to be a potential manufacturing process in various fields with many possibilities. However, during AM
processes, because of the repetitive selective point by point melting and solidification process, strong
heat gradients are generated between different parts of the built material, which potentially can lead to
unfavourable residual stresses. Despite several decades of development of AM processes, metal AM is
still in its infancy and the relation between different AM process combinations with RS, microstructure,
texture and material properties still lack significant understanding. Quality and performance of
additively manufactured material can only be reliably controlled and optimized by understanding the
effects of different process combinations on the RS and microstructure of the built material. There is
limited research concerning RS on titanium alloys produced with conventional methods [17], wire/arc
based additive manufacturing [20,21] and selective laser melting (SLM) [22–24]. However, there are
only a few concerning RS in EBM Ti-6Al-4V [25–27]. Therefore, this study aims to explore the effect of a
subset of EBM process parameters on residual strain/stress in Ti-6Al-4V. RS can be investigated by e.g.,
hole drilling techniques, ultrasonic and magnetic methods and diffraction-based methods [16,18,28].
Each RS measurement technique has its own advantages and disadvantages. Among them, diffraction
(e.g., X-ray and neutron diffraction) is one of the most accurate and well-developed methods of
quantifying local and global residual stresses in the material [16,18]. Compared with conventional
RS measurement techniques, the diffraction method offers many advantages. The residual stresses in
the material are calculated from the strain measured in the crystal lattice. Generally, RS diffraction
measurements are not significantly influenced by material properties such as hardness, the degree of
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cold work, or preferred orientation. In fact, all can be quantified by diffraction techniques. In addition,
they are non-destructive, have a high spatial resolution (ranging in the order if μm to mm depending
on the radiation source)), almost no specimen geometry restrictions, and can be applied to all types of
crystalline material. Furthermore, with the high-energy synchrotron X-ray diffraction setup used in
this work, it is possible to characterize and conduct quantitative studies on multi-component systems
containing phase quantities as low as 0.1–0.7% [29–31] with a high temporal resolution (0.2 s) [31].
This means that phase specific RS in the target system can be determined dynamically with high
accuracy. Last but not the least, diffraction-based RS techniques are already well established—there is
good level of expertise, and standards have been developed [16,18,32].

To investigate the effect of EBM process parameters on residual strain and stress development,
various specimens produced with different beam sizes, scan speeds and build thicknesses were
investigated. In addition, original powder specimens that were used to produce these solid specimens
have also been tested. Diffraction measurements were carried out using the high energy (50–150 KeV)
beamline I12-JEEP (joint engineering, environment and processing) at the Diamond Light Source (UK)
with an energy dispersive X-ray diffraction (EDXRD) setup [33], as well as the dedicated RS neutron
diffractometer (ND) E3 [34] at Helmholtz Zentrum Berlin (Germany). After data collection, the Pawley
pattern fitting method was performed for the EDXRD data and single peak fitting for the ND data
using the structure analysis software package TOPAS-Academic [35].

2. Experimental Setup and Data Analysis

2.1. EBM Process and Material

The EBM process is described in greater detail e.g., in [36]. However, the EBM process is
quite complicated owing to numerous parameters (e.g., feed material, beam current, feed rate,
build layer thickness and scan speed), which potentially change the build environment and cause a
different micro-structure in the final product that may not be wanted. The solidification rate, surface
smoothness, and microstructural homogeneity of EBM processed parts are strongly influenced by the
process parameters.

The electron beam parameters, such as beam speed, beam current and scan length can be varied
in a controlled sequence throughout the build according to algorithms developed by the manufacturer.
According to the literature, the resolution of the build in EBM is influenced by layer thickness [37,38]
powder size [39] and spot size [2]. It has been reported that the size of the powder and layer thickness
has a direct influence on build part quality [38,39]. Commonly, a smaller powder gives finer surface
finish and it has been demonstrated that the EBM can process powder with size 25–45 μm [39].
The benefit with smaller particles is finer surface finish and more compact layer i.e., no/little shrinkage.
Nonetheless, due to the charging from the electron beam, smaller powder particles are not possible for
EBM i.e., a phenomenon called smoking can otherwise occur. A benefit with larger particle size and
layer thickness, however, is an increased build rate. To achieve the highest quality, the current standard
EBM layer thickness has been reduced from 100 to 50–70 μm and powder with size 45–100 μm was
used [40]. The powder used in this study was gas atomized and size within the range of 45–100 μm.
The chemical composition is Ti-6Al-4V-0.1Fe-0.15O-0.01N-0.003H (in wt %).

The mechanical properties of the EBM built Ti-6Al-4V are affected by scan speed [41]. It has
been reported that the rapid heating and cooling, and repetitive thermal cycles of AM processes in
laser-based additively manufactured material create RS in as-built material [42,43]. According to
Klingbeil et al. [43], preheating of the build platform and powder layer can reduce RS and negative
effects, such as part warping. In the EBM process, for Ti-6Al-4V the whole build chamber is heated
to approximately 700 ◦C prior to building, and each layer of powder is preheated before melting.
The minimum temperature of the build chamber is maintained ≥ 600 ◦C throughout the build
process [40]. Therefore, the EBM built component is naturally annealed immediately after building,
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and thus remaining residual stresses may be limited in magnitude. However, the relation between
scan speed, offset focus and RS has not yet been verified experimentally to the authors’ knowledge.

Ti-6Al-4V blocks of 50 mm × 50 mm × 5 mm were built and measured at the centre of each
specimen both along the build direction (vertical, “V”) and in the build plane (horizontal, “H”) by
neutron diffraction. To investigate the finger prints of the phase specific residual stresses, specimens
were cut from the as-build blocks in varied thicknesses (see Table 1) and investigated with synchrotron
XRD in two directions (Figure 1). For the analysis of the RS state and microstructure, three different
standard controlling factors were chosen: build thickness, scan speed and offset focus. The details of
specimen production parameters are tabulated in Table 1. Three specimens were made for each set
of processing parameters. Because of limited beam time, only one specimen was measured during
neutron diffraction experiment.

Table 1. Specimen process parameters.

Specimen ID
Contour Scan
Speed (mm/s)

Scan Speed
(mm/s)

Current
(mA)

Contour
Current (mA)

Offset
Focus (mA)

Specimen
Thickness (mm)

S4 180 575 8 9 15 2.47/5 *
S5 180 650 8 9 15 2.68
S6 180 651 8 9 15 2.70/5 *
S7 180 652 8 9 15 1.99/5 *
S8 180 575 8 9 30 3.02
S9 180 652 8 9 30 2.93

S10 180 653 8 9 30 2.77
S11 180 650 8 9 30 2.97
S12 180 700 8 9 12 2.50/5 *

* is the as-built specimen thickness that was used in the neutron diffraction studies.

Figure 1. Beam line setup and illustration of measurements. “V” is the vertical direction and “H” is
horizontal direction. Each blue and green rectangle represents the measurement locations. Embedded
image is a photo of one of the as-built specimens.
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2.2. Synchrotron X-ray Measurements (EDXRD)

Synchrotron X-ray diffraction is a well-known and powerful tool for structural analysis, quality
characterization [18,44] and conducting quantitative studies on multi-component systems [30,31].
Herein reported experiments were performed at the high energy (50–150 KeV) beamline I12-JEEP
at Diamond Light Source in the UK with EDXRD setup [33]. All specimens were irradiated with a
white/continuous X-ray beam with a photon flux range from 1.8 × 1011 to 9.4 × 1010 photons s−1

depending on the energy of the X-ray beam. The EDXRD data were recorded with a “horseshoe”
detector, consisting of 23 liquid-nitrogen-cooled germanium (Ge) energy-sensitive detector elements,
positioned 2 m behind the specimen position with a take-off angle of 5◦ from the incident beam.
The energy resolution of Ge-detector ranges from 7 × 10−3 at 50 keV to 4 × 10−3 at 150 keV. As the 23
detector elements are equally spaced in steps of 8.2◦, they have full azimuthal coverage from 0◦ to 180◦.
During the measurements, each detector element independently records diffraction patterns under a
different Bragg angle. As the sequence of energy values of each detector element is approximately the
same for all, the 23 diffraction patterns can be summed to form one pattern after normalization of each
data set for detailed phase analysis. The actual EDXRD setup with schematics of measurements and
specimen can be seen in Figure 1.

In the experiment, a 2-mm thick copper filter and slit sizes of 0.1 × 0.1 mm2 and acquisition time
of 100 s were used. To map strain variations in the material along build direction and in the build
plane as complete as possible in the limited synchrotron beam time, measurements were made at an
average of 55 points in the centre of the specimen along the vertical, and 10 in the horizontal direction.
The volume of the material contributing to the diffraction pattern corresponds to the intersection of the
incident and diffracted beams, typically defined by slits and collimators, respectively. To ensure the
gauge volume is fully inside the specimen, the centre of the measurements points close to the edges
was positioned about 300 μm from the edge during horizontal and vertical line scans in the centre of the
specimen. The clearance of corner scan, however, is about 0.5 mm from the corner edge. Each detector
element in the setup measures the lattice spacing in a specific direction, which means that strains in
23 different directions in 0–180◦ range can be measured in a single measurement without specimen
rotation. The measured strain direction can be defined by the X-ray scattering vector, which bisects the
incident and diffracted beams. With this EDXRD setup, the three-dimensional strain/stress field can
be calculated by including additional information or by adopting assumptions, such as the plane strain
criterion. For that reason, only strains along the longitudinal and transversal directions are presented in
this work. Detector elements 1 and 23 were used to measure transverse strain, and elements #11 or #12
were used to measure longitudinal strain. Compared with the angle dispersive diffraction setup used
in the lab X-ray source, the JEEP (I12) at Diamond has many orders of magnitude higher X-ray flux
with high energy. At JEEP it is possible to probe metal specimens in millimeter to centimeter thickness
in relatively short times. This gives the possibility to determine the RS state of the various phases
in one experiment. This was important for the present study as thicker specimens allowed to obtain
better statistical average (larger diffracting volume, i.e., more grains) for proper RS state probing.

2.3. Neutron Diffraction Studies

To avoid setup or instrument dependent error and justify the observations, the same specimens
were investigated with the neutron diffractometer E3 [34] and the ESS test beam line V20 [45,46] at
the research reactor BER-II in the Helmholtz-Zentrum Berlin (HZB). E3 is a constant wavelength and
angular dispersive instrument (detector is moved around 2θ), whereas V20 is a time of flight beamline,
where a wavelength dispersive setup with a fixed detector position was used.

2.4. Microstructure Studies

All specimens used for microscopic studies were prepared by using standard metallographic
preparation routines. To investigate the microstructure of the specimens, visible light microscope
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(Nikon ECLIPSE L150, Amsterdam, The Netherlands) and scanning electron microscope (SEM,
ZEISS EVO LS10, Zeiss, Oberkochen, Germany) were used. The SEM was operated using an
acceleration voltage of 25 keV with magnifications ranging between 1000 and 5000×. Electron
backscatter diffraction (EBSD) scans were performed in an SEM equipped with a field emission
source and an automated EBSD acquisition system. Here, the SEM was operated at an accelerating
voltage of 20 kV and a beam current of 5 nA. The EBSD scans were acquired with the specimen tilted to
70◦ at a working distance of 10 mm. Two EBSD maps have been obtained from two different locations
at the centre of the specimen along the build direction.

2.5. Diffraction Data Analysis

After measurement, the software MATLAB was used to extract the data in xy binary format,
which is friendly to many structure refinement programs. Then, the structure analysis software
packages TOPAS-Academic was used to carry out least-square refinement (Pawley method) and
standard single peak fitting routines [35] for stress/strain analysis. Phase quantities of the sample
were determined by the Rietveld analysis [35]. The basic crystal structure information of the various
phases needed for the Pawley and the Rietveld refinement were obtained from the Inorganic Crystal
Structure Database (ICSD) [47]. All structural data used, such as reference and refined parameters,
are tabulated in Table 2.

Table 2. Some known and calculated crystallographic information of different Ti phases.

Phase Structure
Space
Group

a(Å) c(Å) (◦C) Atomic Site Reference (ICSD)

α(Ti) HCP P63/mmc

2.9511 4.6843 25

0.3333 0.6667
0.25

43416

2.9508 4.6855 - 52522

2.9064 4.6667 20 99778

2.951 4.682 - 43614

2.916 4.631 - 168830

2.9232(7) 4.6700(4) 25 Polycrystal

2.9230(6) 4.6697(6) 25 Polycrystal corner

2.9210(6) 4.6644(8) 25 Powder

β(Ti) BCC Im3m

3.2765 3.2765 -

000

653278

3.2068(7) 3.2068(7) 25 Polycrystal

3.2082(7) 3.2082(7) 25 Polycrystal corner

3.2023(8) 3.2023(8) 25 Powder

Omega Ti Loose
HCP P6/mmm 4.6 2.82 High

pressure
Ti1 000; Ti2

0.3333 0.6667 0.5 52521

As overall diffraction patterns (or peak shapes) are a convolution of background, specimen and
instrument, a standard cerium oxide specimen with lattice parameters 5.41165(1) Å was measured
under the same configurations for calibration and instrument profile function extraction purpose. Then,
the Pawley [35] refinements were performed to determine the profile function. After a good fit was
obtained from cerium oxide data, the instrument profile function was set fixed together with zero error
correction, and then a Pawley batch fitting was carried out to refine the structure of various phases to
define best possible unit cell parameters of each measurement. The Pawley fitting was performed on
the full diffractogram, which spans from 0 to 145 degrees in 2θ. The peak profiles were modelled with
a modified Thompson–Cox–Hastings pseudo-Voigt (pV-TCHZ) profile function [35]. The background
was fitted with a Chebyshev function with six coefficients and the zero-shift error together with axial
divergence calibrated with a standard cerium oxide reference specimen. During batch refinement all
instrument related parameters were kept fixed and only unit cell parameters together with background
were refined. To avoid any complication introduced by oxides, elemental composition variation,
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and phase distribution to the measured strain, a single peak fitting was also performed together with
the Pawley fitting in limited diffraction ranges, i.e., 1.19639–1.79480 Å.

2.6. Strain Calculations

Diffraction patterns are routinely used as a fingerprint of a material’s crystalline structure.
Any external stimulus, such as applied load or heat gradient can alter the interplanar lattice (d)
spacing of the material, causing a change of the diffraction pattern. Therefore, the atomic lattice
spacing in crystalline materials can be used as a natural strain gauge [16,48]. For instance, tensile stress
will cause an increase of the lattice spacing in a given direction and compressive stress leads to the
opposite. The average elastic lattice macrostrain (εhkl) in the sampled volume can be calculated by
comparing the measured lattice spacing dhkl with that of the unstrained (stress-free) lattice spacing
d0

hkl as [16,48]:

εhkl =
dhkl − d0

hkl
d0

hkl
(1)

If the target material is isotropic and all grains/domains in the material have the same responses
to external stimulus, then the Equation (1) is sufficient to determine the stress/strain state in the
material for a given direction of the stress/strain tensor. However, most crystalline materials have
anisotropic properties, including the stiffness of the unit cell, and hence accurate stress/strain analysis
requires consideration of multiple reflections. While individual peak fitting can be used to investigate
the elastic and plastic anisotropy of individual lattice plane families, a fit of a complete diffraction
profile—as used for results reported herein—can be used to determine the average lattice parameter
from which the strain can be calculated that is closely representative of the bulk macroscopic strain
(for the same direction).

The strain in a cubic material/phase (e.g., β-Ti) can be calculated by [48,49]:

εcubic =
a − a0

a0
(2)

Similarly, the strain in a hexagonal material can be calculated by [48,49]:

εhexagonal =
2
(

a
a0
− 1
)
+
(

c
c0
− 1
)

3
(3)

where a and c are the lattice parameter of the given phase; a0 and c0 are the strain-free lattice
parameters. Unstrained lattice parameter can be extracted by several methods, e.g., summarized
by Withers et al. [32]. In this work, the d0

hkl , a0 and c0 are obtained by (1) measuring the raw powder
used for building these specimens used in the study; (2) measuring from the corner of each specimen;
(3) taking the mean values of all scans of each sample.

3. Results and Discussion

3.1. Microstructure

Depending on processing and alloying elements, the Ti-6Al-4V microstructure may include α-Ti
(hcp), β-Ti (bcc), α′ (hcp martensite), as well as different amount of dislocations, substructures and
twinning [1,4]. The EBM built Ti-6Al-4V, however, commonly consists of two phases, namely α-Ti
(hcp) and β-Ti (bcc) twinning [2,4,5,50]. Typical visible light micrographs of one of the specimens from
build-direction and build plane are shown in Figure 2a,b, respectively. All materials studied show a
microstructure which consists of intertwined α lath colonies where individual α-laths are separated by
a thin layer of retained β-phase. This type of microstructure is formed when fast cooling rates from
the β-phase field are achieved [51], the presence of grain boundary α does, however, indicate that
the cooling rate was not fast enough to suppress the grain boundary α nucleation, which can occur
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for AM processes with even faster cooling rates. High-resolution SEM micrographs corresponding
to Figure 2a,b are shown in Figure 2c,d, respectively. In these SEM micrographs, the dark colour
corresponds to the alpha phase and white colour corresponds to the β phase. The microstructure
shown in Figure 2 is similar to the microstructure of EBM built Ti-6Al-4V reported by others [2–4,11,15].
The columnar nature of prior β grains that is shown in Figure 2 is a direct consequence of the thermal
gradient that exists in the build direction [15].

Figure 2. Light optical microscopy image of S7V (a), and S7H (b). In (c) and (d), the images are taken
with a SEM where the specimens used are S8V and S8H respectively. Z indicates the build direction and
etching procedure employed to obtain the alloy microstructures was by immersion in Kroll’s etchant
for 10 s.

Synchrotron X-ray and neutron diffraction work confirmed the α+β microstructure observed by
microscopy. Figure 3 shows the raw XRD diffraction patterns of as-received Ti-6Al-4V powders used
for building all the specimens investigated in this study together with a representative diffraction
pattern of EBM built material collected at the centre and one of the top corners (close to the final
layer) of the same specimen. The colour coded, small vertical tick marks in Figure 3 (and all other
figures throughout) represent the hkl peak positions of labelled phases in the same colour. As expected,
the diffraction patterns from the corner and centre of the built material showed close similarity,
but they both differ significantly from the powder pattern. According to Figure 3, it is evident that
the as-received Ti-6Al-4V powders and the EBM specimens (independent of build location) contain
predominantly α-phase with the HCP structure, consistent with previous studies [52]. In addition,
the system also contained detectable amount of BCC β-phase (1.5–10 wt %) together with limited
quantity of Ti-oxide (<1 wt %). The peak position and the intensity of the oxide diffraction peaks
measured at different parts of the specimen did not show observable variation. Therefore, the effect
of the oxide is excluded from the discussion. The presence of the β-phase can be clearly seen by the
corresponding high angle diffraction peaks at d-spacing = 2.26 Å and d-spacing = 1.60 Å for the (011)
and (002) reflections as reported in [53,54].
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Figure 3. Diffraction pattern obtained by EDXRD of Ti-6Al-4V powder and EBM built material.
The colour coded, small vertical tick marks represent the hkl peak positions of labelled phases in the
same colour (α = purple, β = magenta).

It is known that the mechanical properties of the Ti-alloys strongly depend on the distribution of
alloying elements and phases present in the system [1]. Generally, Ti-alloys show higher strength and
higher density but lower creep strength with an increase in β-Ti phase content [1]. To ensure and control
the properties of the material for a specific application, it is important to understand how different
material processing affect the material phase composition of the alloy system. The microstructure and
mechanical properties of Ti-6Al-4V for specific applications can be tailored by post heat treatment
after manufacturing. Commonly, the post thermal process operations will take place in the α+β phase
and/or single β-phase field. The volume fraction of β-phase increases with temperature and therefore
governs the mechanical properties [55]. Therefore, it is important to understand how different AM
processes will influence the formation/distribution of the β-phase in the built material. However,
because of the limited phase quantity at room temperature of the β-phase in Ti-6Al-4V and its low
diffraction strength, the β-phase has not been observed [56] or has been excluded from the analysis.
While studying Ti-6Al-4V fabricated by the selective laser melting process (SLM), Chen et al. [56] did
not observe a clear β-phase from either the as-received powder or the built solid specimens from their
XRD work. According to Chen et al. [56], the reason behind weak or absent β-phase in their system is
the high cooling rate used during the build. They argued that [56], SLM processed specimens maintain
the original composition and crystal structure of the powders; all possible existing β-phase at high
temperatures might all transform into the α or martensitic α’ phase via rapid solidification during
the SLM process. However, it is interesting that even the as received Ti-6Al-4V powder used in their
work did not show detectable β-phase. We think that such phase absence might be explained by the
sensitivity of the conventional XRD method and the textures present in the system in addition to the
rapid cooling of SLM processing and powder manufacturing.

Ti-6Al-4V has been shown to have texture [1,12], and its development strongly depends on
processing type and temperature [55]. Because of localized melting and solidification together with
repetitive heating processes, the microstructure and texture formed in additively manufactured
material are different from that in cast or wrought materials. In order to emphasize the complexity and
variation in textures in EBM built Ti-6Al-4V, two grain orientation maps together with corresponding
inverse pole figures obtained from the same specimen measured along the build direction at two
different areas in the specimen are shown in Figure 4. Figure 4a is close to the last melted layer
and Figure 4b is a few mm below. As can be seen in the figure, the material shows preferred grain
orientation (texture), and it varies from one location to another despite that these two measurements
were done in the same vertical plane along the same line and only a few mm apart. Microstructure and
textures presented in Figures 2 and 4 indicate the complexity of the Ti-6Al-4V microstructure produced
by EBM. Because of this highly varying microstructure and its strong correlation with the AM process
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parameters and build geometry, the mechanical properties of the material reported in the literature
shows a large scatter [5,50,52].

Figure 4. Inverse pole figure maps of Ti-6Al-4V (S7V). The build direction is indicated by the white
arrows. (a) is close to the last layer; (b) few mm below from (a); Images under (a,b) is the corresponding
inverse pole figures.

3.2. Peak Intensities and Phase Compositions

All observed diffraction patterns from one diffraction angle (from detector element 15) collected
during a vertical scan of one of the specimens, and the corresponding specimen patterns obtained
from all 23 directions from the same specimen are presented in Figure 5a,b, respectively. As shown in
Figure 5a, some of the α- and β-phase diffraction peaks are absent in certain parts of the build material
from the diffraction patterns collected from only one scattering direction. From Figure 5a, one can
see that there is no correlation between the absences of α- and β-phase diffraction peaks. In addition,
such an absence does not coincide with the additive build layer thickness. Similar observations have
also been observed for all other specimens studied in this work. The summed diffraction patterns of
all measurements in all 23 scattering directions, however, showed all corresponding α- and β-phase
diffraction peaks with similar peak intensity and width with a sign of α- and β-phases homogeneity
as shown in Figure 5b. This difference is thought to be a result from the preferred orientation of the
different grains (i.e., the α-phase is also present in probed volumes that do not show any α-peak
for a single detector, but the peaks are observed in other scattering angles from the same volume).
In Figure 5, HKL indices of α- and β-phases with significant changes are given at corresponding peak
Bragg peak positions and interesting regions where β-phase peaks are absent in detector element 15
also marked with (1), (2) and (3) with green curly brackets.

Similarly, diffraction patterns from one of the EBM Ti-6Al-4V specimens collected along the
build direction and in the build plane are shown in Figures 6a and 7a as a two-dimensional plot,
viewed down the intensity axis, with the diffraction pattern number along the ordinate, and peak
positions along the abscissa. For clarity and emphasizing the existence of β-Ti in the system, the peak
intensity of well separated (002) β-Ti peak from the measurement presented in Figures 6a and 7a is
plotted in Figures 6b and 7b, respectively. Peak intensity is colour coded to maintain consistency with
previous figures. Note that the first and last data acquisition location (gauge volume) in Figure 7
does not exactly correspond to the edges of the specimen. There is about 300-μm clearance from each
side. The peak intensity drop is shown in Figure 7b might be caused by the scan strategies used in
this work. The outermost boundaries between the build and powder bed were melted first to form a
contour. Thereafter powders inside the contour were melted in the manner of serpents’ path (from
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one side to another, then one step downwards followed by return, then one step downwards etc.),
which is also known as hatching. As shown in Figures 5b and 6, none of the diffraction patterns
showed any sign of α’ martensite in the top layer of the build material unlike that reported in [15].
According to the Galarraga et al. [13], the observation of a martensitic structure is indicative of a
high cooling rate imposed during solidification and subsequent cooling in the solid state of the last
layer, and a cooling rate of >410 K/s may result in such a structure in last layer. Al-Bermani’s [15]
and Galarraga et al. [13] have also reported that faster cooling rates after solution heat treatment
produce a greater amount of α’ martensitic phase, with water-cooling at a rate of 650 K/s resulting in
a fully α’ martensitic microstructure. However, apart from the last layer, the first layer can also vary in
microstructure compared to the bulk, due to the faster cooling rate close to the thermal conductive
substrate. And these pronounced effects of cooling rates on microstructure also render microstructural
differences. Nonetheless, the volume of these microstructural extremes is relatively small. Interestingly,
Galarraga et al. [13] did not observe α’ martensite in their unprocessed EBM built Ti-6Al-4V ELI (Extra
Low Interstitial) specimens. However, based on the weakening of the (200) β phase diffraction peak at
d-spacing = 1.60 Å and change in microstructure, tensile test results and microhardness values after
post build heat treatment, they concluded that even air-cooled specimens may contain α’ martensite.
The difference between the observation reported by Al-Bermani’s [15] and this study might be because
of differences in specimen build geometry, process parameters and post-build heat treatments used in
the two different studies.

Figure 5. Assembled diffraction patterns of a vertical scan (along the build length) of one of the EBM
Ti-6Al-4V samples (S7V). (a) is from the detector element 15 alone and (b) is the sum of all 23 elements
of the same scan. The black arrow indicates the build direction from bottom to top.

During EBSD and SEM studies of EBM built Ti-6Al-4V, Al-Bermani et al. [15] observed 100%
β-phase within the build height 0–300 μm and mostly α-phase at other parts. According to
Al-Bermani et al. [15], the β phase occurs due to the co-melting and diffusion of the alloying elements in
the austenitic stainless-steel base plate and the initial Ti-6Al-4V layers. The β phase stabilizing elements,
such as Cr, Fe, and Ni were provided by melting of stainless-steel plate. Since all measurements
presented in this work have been performed from 13 mm upwards, we are unable to confirm that
observation. Nonetheless, based on observations presented in Figures 4–7 it is safe to conclude that
globally there is no significant phase difference in different parts of the EBM built Ti-6Al-4V parts at
some distance away from the base plate despite the varied microstructure. This conclusion can be
further supported by neutron diffraction studies. The deep penetration power into Ti and the larger
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sampling volume of neutrons provide the possibility to evaluate the bulk average phase compositions
and residual stress/strain of all present phases in the system.

Figure 6. (a) Accumulated diffraction patterns of vertical line scan along the build direction of specimen
S8, and (b) corresponding peak intensity of (002) β-Ti (magenta) and (012) α-Ti. (purple).

Figure 7. (a) Accumulated diffraction patterns of horizontal line scan along the build plane of specimen
S8, and (b) corresponding peak intensity of (002) β-Ti (magenta) and (012) α-Ti (purple).

To cross-check for potential variations among larger sampling volumes, data sets collected at
the ESS test beamline at HZB on the same specimen (S8) are presented in Figure 8a. The beamline
operates in time of flight mode, where neutrons start to travel from a source at time t = 0 and travel
tens of meters to the specimen at which point they have separated by their different velocities and
hence wavelengths. In this measurement, an incident beam size of 10 mm × 10 mm was used, with the
detector positioned at a scattering angle of 2θ = 90◦. The results in Figure 8a present a relative direct
comparison (the setup remained unchanged besides translating the specimen) between the upper half
(red) and lower half (blue) of the specimen. Both diffraction patterns are almost identical to each other
with the indication that there is no significant phase variation between the upper and lower part of the
specimen. These results agree well with those in Figure 5b and supports the conclusion that phase
distributions in the material are uniform.
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Figure 8. Time-of-flight neutron data for specimen S8 (a). Raw diffraction patterns depicting a relative
comparison between the upper and lower half of specimen S7, supporting the observations in Figure 6.
(b) Collection of diffraction patterns for seven different EBM Ti-6Al-4V specimens.

To investigate whether different EBM process parameter combinations may lead to phase
differences, an EDXRD pattern from the middle of different specimens is presented in Figure 8b.
As shown in the figure, there is no phase difference between specimens other than intensity.
As expected all specimens contain both α- and β-phases. Figure 9 represents a typical Pawley
refinement result of data presented in Figures 6 and 7. In that figure, the blue dots represent observed
intensities, the red line represents the calculated, and the green line is the difference curve on the same
scale. The color-coded tick marks indicate the calculated positions of Bragg peaks. As seen from the
difference curve, the fit is highly satisfactory. All diffraction patterns contained some of the major α-Ti
and β-Ti peaks, which are commonly reported in the literature [57] together with many other minor
and high angle peaks which have not been included in any other reported studies. The matches of
the interplanar spacings (d-spacings) obtained from these peaks and unit cell parameters of α-Ti and
β-Ti were not in perfect agreement with the data of the ICSD (see, Table 2). This difference might be
caused by that different EBM process parameters were used to manufacture the materials investigated
in these studies, which may influence the lattice strains and hence the overall lattice parameter.

Figure 9. One typical Pawley refinement result: Rwp 1.73, Goodness of fit (GOF) 1.52.

3.3. Residual Strain

One of the biggest challenges in diffraction-based residual strain measurements of additively
manufactured material is obtaining the strain-free reference lattice parameters. Commonly,
the reference can be determined from a stress-free specimen of identical material. Because of the
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localized heating effect, microstructure variation and possible texture, specimens built by AM are
expected to show some differences and even at different locations in the same specimen. Considering
the microstructure difference between the ingredient powder, the corner of the build material and
the center of the build material, only mean value-based strain calculations have been selected as the
suitable strain reference extraction method. The lattice strain of α- and β-Ti calculated by using unit
cell parameters (a and c) obtained from Pawley fitting of diffraction data from vertical and horizontal
scans are shown in Figures 10 and 11, respectively. Each coloured line in these figures corresponds
to one specific scan belonging to a different specimen. The colour code is the same for both figures.
The error bars are equal to or smaller than the marker size.

Recently, Tiferet et al. [27] have reported that none of SLM or EBM specimens contain residual
macro- nor micro-strains, instead the ingredient powder contains residual strain. Interestingly, lattice
parameters of α-Ti obtained from ingredient powder from our studies show almost identical result
as their bulk specimen. In addition, in contrast to Tiferet et al. [27], lattice parameters obtained
from specimen corners, ingredient powder and bulk specimens from our measurements are similar.
Such small lattice parameter differences indicate that the residual strain in EBM built material is low.
The difference between our results and Tiferet et al. [27] may be related to the different processing
approaches that were used.

In addition to lattice strains calculated from unit cell parameters of α- and β-phases obtained
from Pawley pattern fitting, a lattice specific strain was also calculated for selected α- and β-phase
hkl reflections after single peak fitting. Despite the availability of other hkl reflections, only selected
α-phase ((010), (012), (110), (004)), and β-phase ((011), (002), (211)) hkl reflections, which do not overlap
or are well-separated from other phases, were used for calculation. The general trends of the strains
from single peak-based calculations are similar to whole pattern fittings shown in Figures 10 and 11.
However, each lattice plane families yielded some disparity from one another. For simplicity and
considering the superiority of strain calculation by using lattice parameters obtained by whole pattern
fitting over single peak fitting, the results of single peak fitting are not shown.

From Figure 10, it is shown that the measured strain in both longitudinal and transverse directions
in α- and β-Ti are fluctuating and they do not show any obvious trend with respect to deposition layers.
However, closer inspection of the strain result of the α-Ti phase shows a slight compressive to tensile
transition trend in both strain measurement directions (Figure 10) along the build. Even though the
α-Ti strain result fluctuation does not match with the deposition layer, the frequency of the fluctuation
appears to correlate with the length of the columnar grains. Therefore, to obtain reliable RS results
from the experiment and modelling, we recommend considering the size of the primary β-grains in
the measurement strategy, data interpretation and in theoretical simulations. Unlike α-Ti, the β-Ti did
not show any observable transition and the strain appears to fluctuate more than the α-Ti (Figure 11).
The reason for such a strong fluctuation might be that the β-Ti phase is the minority phase with high
crystallographic symmetry and strong texture. Hence, the β-Ti phase in the Ti-6Al-4V system could be
working as buffer phase, which causes local equilibrium of the stress/strain distribution in the system.

The material is built layer by layer via selectively melting the raw material. Therefore,
each deposited layer in an additive manufactured structure undergoes multiple heating and cooling
cycles with repetitive stress relaxation and accumulation processes. Hence, large thermal RS differences
are to be expected at different heights in the build. However, at same build height or in same deposition
layer, the heat treatment is expected to be the same. For that reason, the RS in the same layer should
be the same. As predicted, the RS in the centre of the specimen measured along the scan direction
showed linearity in both longitudinal and transverse directions (Figure 11). The magnitude and nature
of the strain measured near the edge of most of the measurements appear similar to the result obtained
from the centre or has a compressive nature.
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Figure 10. The lattice strain from the central vertical line of specimens perpendicular to the EBM build
plane. Transverse direction at left and longitudinal direction at right. Color code of each specimen can
be seen from the legend at top of the figure.

Figure 11. The lattice strain from the central horizontal line of a specimen that is parallel to the EBM
build plane. Transverse direction at left, and longitudinal direction at right.

The transverse strain in α-Ti, however, appears compressive on one side and tensile on the
other. The EBM scan strategy used for building is expected to induce a sharp strain gradient from
the surface/edge to the centre/inside of the build. During the EBM process, each layer of the target
object is built in two steps. Firstly, the outer boundary is melted (contour). Then, in the second step,
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the actual part is built within the contours. The contour provides an interface between the actual
build and the surrounding powder. Since molten metal is deposited on a colder contour wall, thermal
contraction of the solidified material occurring during solidification creates a tensile stress in the
deposit and compressive stress in the contour wall. The origin of this is not currently known. Whether
it is build thickness or beam power requires further investigation. These observed differences within
and between specimens may be attributed to the differences in their structure at the temperatures
experienced during EBM processes. As shown in Figure 2a, the material microstructure consists of
large prior β-grains with α-lamellas. Therefore, the scatter in the strain results presented could be
understood to be a result of the grain statistics as the synchrotron X-ray experiment was conducted
with a relatively small gauge volume. In order to justify whether this is the case, more measurements
have been carried out on selected specimens with the E3 instrument at HZB. Similar to the synchrotron
result, neutron diffraction measurements also did not show any significant difference from one another
at different locations within the specimens (Figure 12). From Figure 12, one can see that there is
neither any directional peak shift of the (112) peak of the α-Ti phase along the build direction nor
peak position differences between specimens. This observation agrees with the results presented in
Figures 10 and 11. The main difference between the neutron diffraction results in Figure 12 and the
X-ray diffraction results in Figures 10 and 11 is that the neutron diffraction results seemed more linear
than the X-ray diffraction results. This could indicate that there is indeed some grain size effect on the
X-ray results. Therefore, to overcome similar problems, a larger beam size should be used in X-ray
based measurements.

Figure 12. Variation of Ti(112) peak position with respect to build height by neutron diffraction.
(a) Longitudinal direction, (b) transverse direction. It can be seen that variations are within the
error bars.

Residual stresses are important to control with regard to quality and integrity of parts built by
AM. Therefore, it is crucial to know the status and magnitude of any residual stresses to be able
to reduce any detrimental effects. Since residual stresses in additive manufactured materials arise
mainly from temperature gradients, the stress levels formed in the parts could possibly be modified by
changing the heat gradients during manufacturing. The scan speed, beam current and offset focus
of the EBM process influences the heat gradients and are likely to cause different states of residual
stresses. However, according to the present observations, the influence of these process parameters is
not that obvious (at least not for the parameters selected in this work). The reason for not observing
any strain/stress trends or the effects of different process parameters is most likely because of the
high preheating temperature with slow cooling used in the EBM process. In SLM it was reported that
heating the build platform ≥ 200 ◦C can reduce the RS levels [58]. Therefore, in the future RS studies,
the role of the preheating temperature should be considered.
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There are some limitations in the current work that could be addressed by future work, concerning
process parameter diversity. In AM there are many processes parameters that affect the cooling rate of
the build and consequently the microstructure and RS. Therefore, the authors propose that further
investigations be performed with other processes parameters in mind. In Table 1 the process parameters
that have been used in this work are shown. An example is that in this work, only a current of 8 mA
has been used, this process parameter greatly affects the cooling rate and would undoubtedly render
different RS results.

4. Conclusions

Residual strains in Ti-6Al-4V specimens built by AM from nominal 45–100 μm diameter
gas atomised powder using an electron beam melting technique have been evaluated by using
state-of-the-art neutron and synchrotron X-ray diffraction techniques. Based on the present studies of
the EBM built Ti-6Al-4V materials, the following conclusions can be made:

1. Despite strong texture and a columnar microstructure in the build direction, a fairly uniform
phase distribution has been observed. The microstructure is mostly Widmanstätten type with
majority are α-Ti phase with some amount of β phase (1.5–10 wt %).

2. Based on synchrotron X-ray studies, longitudinal strain in α-Ti changes slightly from compression
to tensile along the build direction, but no such trend is observed in β-Ti. Neutron studies showed
no clear trend of RS in neither α- nor β-Ti.

3. Neither transverse nor longitudinal strains in α- and β-Ti in the build plane change significantly.
The longitudinal strains in both α- and β-Ti, however, showed a compressive nature close to the
edges of the built materials.

4. No clear residual strain differences between deposition layers was found.
5. The strain variation along the build direction may be related to the elongated prior β-grains and

should be considered in future experimentation and analysis.
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Abstract: The aim of this study is to observe the effect of process parameters on residual stresses and
relative density of Ti6Al4V samples produced by Selective Laser Melting. The investigated parameters
were hatch laser power, hatch laser velocity, border laser velocity, high-temperature preheating and
time delay. Residual stresses were evaluated by the bridge curvature method and relative density
by the optical method. The effect of the observed process parameters was estimated by the design
of experiment and surface response methods. It was found that for an effective residual stress
reduction, the high preheating temperature was the most significant parameter. High preheating
temperature also increased the relative density but caused changes in the chemical composition of
Ti6Al4V unmelted powder. Chemical analysis proved that after one build job with high preheating
temperature, oxygen and hydrogen content exceeded the ASTM B348 limits for Grade 5 titanium.

Keywords: Selective Laser Melting; Ti6Al4V; residual stress; deformation; preheating; relative
density; powder degradation

1. Introduction

One of the most popular additive manufacturing technologies is Selective Laser Melting (SLM).
SLM technology allows the production of nearly full density metallic parts with mechanical properties
comparable to the ones produced by conventional methods. Components are made layer-by-layer
directly from powdered material, where each layer is selectively melted in an inert atmosphere by a
laser beam [1–3].

Due to non-uniform spot heating and fast cooling, thermal gradients are formed in materials,
which lead to the development of residual stresses [1]. Residual stress (RS) is described as stress which
remains in the material when the equilibrium with surrounding environment is reached [4]. Unwanted
RS in SLM can cause part failure due to distortions, delamination or cracking.

The RS measurement is possible by mechanical and diffraction methods; magnetic and electric
techniques; and by the ultrasonic and piezoelectric effect. Mechanical measurements are usually based
on material removal and its relaxation or measuring part distortion. Typical mechanical measurement
is a drilling method with an accuracy of ±50 MPa [4]. The main advantage of this method is its
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ability to measure RS to the depth of 1.2 times the diameter of the drilled hole. The Bridge Curvature
Method (BCM) is often used in case of the SLM for the fast comparison of process parameters and their
influence on the RS [5]. The principle is based on measuring the distortion angle, after the sample is
cut off from the base plate, using the bridge-like samples. Measuring accuracy could be affected by
imprecise cutting or by angle evaluating method, thus measurement of the top surface inclination was
proposed as a better technique [6,7]. Value of the RS can be determined by the simulation of measured
distortion in Finite Element Method (FEM) analysis [8].

Ali et al. [9] proved that higher exposure time and lower laser power with preserved energy
density lowered the RS due to lower cooling rate and temperature gradient. The variation of laser
power and exposure time did not cause a change in yield strength of Ti6Al4V, but elongation increased
with lower laser power and higher exposure time. The cooling rate and also the RS can be affected by
layer thickness. Higher layer thickness prolonged the cooling rate and RS was lower, but with higher
layer thickness the relative density was lowered [9,10].

Scanning strategy has a significant effect on the RS. Ali et al. [11] observed that with longer
scanning vectors the RS increased. Due to prolonged time between scanning adjacent scan tracks,
higher thermal gradients were induced. The lowest RS had a stripe strategy with the ninety-degree
rotation. This conclusion was also confirmed by Robinson et al. [12]. Ali et al. [11] did not observe the
positive or negative effect of the scanning strategy on mechanical properties nor relative density.

Powder bed preheating can significantly reduce the amount of RS [5,13,14]. Ali et al. [15]
demonstrated that for Ti6Al4V-ELI material preheating of the build platform to the temperature
of 570 ◦C effectively eliminated the RS. A positive influence of preheating on microstructure and
mechanical properties of H13 tool steel was observed by Mertens et al. [16]. The preheating up to 400 ◦C
in his study improved mechanical properties and the parts had more homogeneous microstructure.
Formation of cracks can be also affected by preheating, which was observed during printing aluminium
of 2618, 7075 [17,18] and tool steel [19].

In this study, the BCM samples made of Ti6Al4V were used to evaluate the effect of process
parameters on the relative density and the RS. Investigated parameters were hatch laser speed,
hatch laser power border laser velocity, waiting time between adjacent layers and powder bed
preheating up to 550 ◦C. The design of experiment and the surface response method were used for a
comprehensive evaluation of the effects of observed process parameters. Furthermore, the influence of
high-temperature preheating on powder degradation was evaluated.

2. Materials and Methods

2.1. Powder Characterization

In this study, Ti6Al4V gas atomized powder (SLM Solutions Group AG, Lübeck, Germany)
was used. The chemical composition of virgin powder delivered by the manufacturer is in Table 1.
The powder shape was checked by scanning electron microscopy (SEM) LEO 1450VP (Carl Zeiss AG,
Oberkochen, Germany). Figure 1a shows that the powder particles have a spherical shape with a low
amount of satellites. The particles size distribution was analysed by laser diffraction analyser LA-960
(Horiba, Kioto, Japan). Measured particle mean size was 43 μm and median size 40.9 μm. The particles
up to 29.97 μm represented 10% of particle distribution while particles up to 58.61 μm represented 90%
(Figure 1b).

Table 1. Chemical composition of virgin Ti6Al4V powder.

Al (wt %) C (wt %) Fe (wt %) V (wt %) O (wt %) N (wt %) H (wt %) Ti (wt %)

6.38 0.006 0.161 3.96 0.087 0.008 0.002 Bal.
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(a) 

 
(b) 

Figure 1. Ti6Al4V gas atomized powder characterization (a) shape evaluation by SEM; (b) particles
size distribution.

The chemical composition of used powder was evaluated by the following methods.
The aluminium content was checked by the inductively coupled plasma atomic emission spectroscopy.
Oxygen and nitrogen contents were evaluated by hot extraction in helium by LECO TCH 600 (LECO
Corporation, Saint Joseph, MO, USA). The hydrogen concentration was verified by the inert gas fusion
thermal conductivity method JUWE H-Mat 2500 (JUWE Laborgeraete GmbH, Viersen, Germany).
The accuracy of all methods is Al ±0.327 wt %, O ±0.008 wt % and N ±0.0025 wt %.

2.2. Sample Fabrication

The samples were manufactured on the SLM 280HL (SLM Solutions Group AG, Lübeck, Germany)
3D printer. The machine is equipped with 400 W ytterbium fibre laser YLR-400-WC-Y11 (IPG Photonics,
Oxford, MS, USA) with a focus diameter of 82 μm and a Gaussian shape power distribution. Argon
was used as a protective atmosphere during the process and the O2 content was kept below 0.05 %.
Before each experiment, the humidity of the powder was measured by the hydro thermometer Hytelog
(B + B Thermo-Technik GmbH, Donaueschingen, Germany) with an accuracy of ±2%. The powder
humidity was kept under 10%. The heating platform (SLM Solutions Group AG, Lübeck, Germany)
was used to preheat the powder. This device is able to preheat the build platform up to 550 ◦C, but the
build area is reduced to a cylindrical shape with 90 mm in diameter and 100 mm in height. For the
preheating a resistive heating element is used and the temperature is controlled by a thermocouple
placed below the base plate. The temperature of a printed component may be slightly lower than
the measured temperature by the thermocouple. However, the maximum height of parts printed in
this study is 12 mm, thus the temperature field should be relatively homogeneous. Build data were
prepared in Materialise Magics 22.03 (Materialise NV, Leuven, Belgium).

2.3. Sample Geometry

The geometry of samples was designed according to the BCM shape (Figure 2a) [5], therefore
the effect of chosen process parameters on distortion and RS can be evaluated. Support structures
were used for all samples to simulate the condition during the printing of real components. To restrict
distortion during the SLM process (before cutting off) the 4 mm high block supports were reinforced
with 1 mm block spacing, while fragmentation was switched off. Teeth top length was set to 1 mm.
Support structures were added just under the pillars. Samples were rotated to 20◦ from recoating
direction to ensure consistent powder spreading. Samples were cut in the middle of support structures
and the evaluated parameter was top surface angle distortion α, which is the sum of α1 and α2

(Figure 2b).
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(a) (b) 

Figure 2. Samples geometry: (a) Dimensions of the BCM sample; (b) Measured bridge top surface
angle distortion α is the sum of α1 and α2. Dimensions presented in mm.

2.4. Design of Experiment

For data evaluation Design of Experiment (DoE) and Surface Response Design (SRD) were used.
Hatch laser power (H LP), hatch laser velocity (H LV), border laser velocity (B LV), delay time (DT) and
preheating temperature (T) were chosen as the variable factors. The range of parameters with central
points is summarized in Table 2. The DT value is waiting delay between two adjacent layers, which
was set in the printing machine. The real delay (RD) value which was used for result evaluation is
composed of set DT between two layers and 13 s recoating time. If the DT is zero, then the RD value is
composed of 13 s recoating time and scanning time. The temperature range was set from the common
preheating temperature 200 ◦C to the maximum temperature of 550 ◦C that our equipment is capable
to evolve.

Table 2. Table of used process parameters for Design of Experiment (DoE) and Surface Response
Design (SRD).

Values/Parameters H LP (W) H LV (m·s−1) B LV (m·s−1) DT (s) T (◦C)

Minimum value 100 700 350 0 200

Middle point 187.5 900 575 30 375

Maximum value 275 1100 800 60 550

The half fraction of the SRD was built with the five continuous variable parameters. This means
twenty-six samples plus four repetition central points. To minimize the number of global parameters,
which has an influence on the whole build job, the face-centered design was used.

For evaluation, Minitab 17 (Minitab Inc., State College, PA, USA) was used. Data of the top
surface angle distortion α were evaluated with full quadratic terms with 95% confidence level for all
intervals and with backward elimination of 0.1. Relative density data were evaluated on samples 1–16
as the half fraction of factorial design. Then the data were assessed with 95% confidence level and
insignificant term combinations were manually deleted.

Border laser power was set to 100 W and hatch spacing to 0.12 mm. The layer thickness of 50 μm
and stripe strategy with a maximum stripe length of 10 mm and a rotation of 67◦ was used. Fill contour
was turned off. Other parameters were set as standard.

2.5. Distortion Evaluation

The 3D optical scanner Atos TripleScan 8M (GOM GmbH, Braunschweig, Germany) was used for
assessing distortions of the bridges. Each sample was scanned after cut-off from the base plate and
after coating by TiO2 mating spray with the thickness of around 3 μm [20]. The 3D scanned surface
data were evaluated in GOM Inspect 2018 (GOM GmbH, Braunschweig, Germany).
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The top surface angle distortion α was measured on the top surface of the bridge as is shown
in Figure 2b. First, the Computer-aided Design (CAD) data of the undeformed bridge was fitted by
Gaussian best fit function on the scanned data. Then three cross sections were created parallel to the
YZ plane in distance 0, 8 and −8 mm. Lines using Gaussian best fit function were fitted on the top
surface in each cross section (Figure 3a). Next, points in distance 0, 3 and −3 mm in Y direction were
created on those three lines (Figure 3b). Then the distance was measured between middle and side
points. Finally, X and Z components from each measured distance were used for calculating angle
distortions by tangent function. Left and right sides were calculated separately. Therefore, the α value
was calculated as the sum of angles on both sides. The result of the top surface angle distortion α value
is the mean value of three measurements of one sample.

(a) (b) 

Figure 3. Distortion evaluation, fitted lines are yellow, line points are red and measured distances are
green: (a) Isometric view on scanned data; (b) Top view of scanned data.

2.6. Relative Density Measurement

Relative density was determined using an optical method and was calculated as the mean value
of parallel to build cross sections (Figure 4a). Value of relative density was evaluated in ImageJ v.
1.52k (National Institutes of Health, Bethesda, MD, USA). First, the picture of the cross section was
converted to 8-bit type. Next, an automatic threshold was applied and relative density was evaluated
in the areas defined by red rectangles (Figure 4b).

 
(a) 

 
(b) 

Figure 4. Cross sections of the BCM samples: (a) Cross section of sample 1; (b) Cross section of
the sample made with the lowest energy density (Sample 3), red rectangles show area for relative
density evaluation.

3. Results

3.1. Top Surface Distortion and Relative Density

The experimental design matrix and results of top surface angle distortion α and measured
relative density are summarized in Table 3. Samples were sorted in printing order and horizontal lines
represent a group of samples which were printed together in one build job.
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Table 3. DoE and SRD test matrix with process parameters, the value of top surface angle distortion α

and relative density.

Sample
Number

H LP
(W)

H LV
(mm/s)

B LV
(mm/s)

TD (s) RD (s) T (◦C) α (◦)
Relative

Density (%)

1 100 700 800 0 22 200 1.499 97.59
2 275 700 350 0 22 200 0.294 98.68
3 100 1100 350 0 22 200 1.201 74.04
4 275 1100 800 0 22 200 1.110 99.97

5 275 1100 350 60 73 200 1.127 99.60
6 100 700 350 60 73 200 1.413 97.06
7 100 1100 800 60 73 200 1.416 81.33
8 275 700 800 60 73 200 0.859 99.37

9 275 1100 350 0 22 550 0.437 99.69
10 100 700 350 0 22 550 0.389 98.68
11 275 700 800 0 22 550 0.406 99.43
12 100 1100 800 0 22 550 0.456 82.33

13 100 1100 350 60 73 550 0.917 91.17
14 100 700 800 60 73 550 0.520 98.93
15 275 1100 800 60 73 550 0.377 99.35
16 275 700 350 60 73 550 0.244 99.51

17 100 900 575 30 43 375 0.905 -
18 187.5 1100 575 30 43 375 0.943 -
19 187.5 900 575 30 43 375 1.000 -
20 187.5 900 800 30 43 375 0.771 -
21 275 900 575 30 43 375 0.454 -
22 187.5 900 350 30 43 375 0.764 -
23 187.5 700 575 30 43 375 0.795 -
24 187.5 900 575 30 43 375 0.740 -

25 187.5 900 575 0 17 375 0.174 -

26 187.5 900 575 60 73 375 0.876 -

27 187.5 900 575 30 43 550 0.392 -

28 187.5 900 575 30 43 200 0.809 -

29 187.5 900 575 30 43 375 0.716 -
30 187.5 900 575 30 43 375 0.668 -

3.2. Surface Response Model for Top Surface Angle Distortion α

Minitab 17 was used to establish a regression model for prediction of the top surface angle
distortion α responses to the H LP, H LV, B LV, RD and T. Equation (1) represents the SRM-based
mathematical model of significant parameters, which represent the relation between observed
parameters. Table 4 and Figure 5 show results from an analysis of variance (ANOVA). The correlation
of the regression model for α value is confirmed by determination coefficients R2 = 91.82% and adjusted
R2 = 86.04%.

α = 4.01 − 0.00766 H LP − 0.00854 H LV + 0.003232 B LV + 0.0382 RD − 0.001802 T
+ 0.000005 H LV·H LV − 0.000252 RD·RD + 0.000004 H LP·H LV + 0.000005 H LP·T
− 0.000002 H LV·B LV − 0.000018 B LV·RD − 0.000002 B LV·T

(1)
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Figure 5. Main effect plot for top surface angle distortion α.

Table 4. ANOVA table for the top surface angle distortion α.

Source DF Contribution (%) Adj SS Adj MS F-Value P-Value

Model 12 91.82 3.44257 0.28688 15.9 0

Linear 5 73.01 2.81581 0.56316 31.21 0
H LP 1 17.22 0.64558 0.64558 35.78 0
H LV 1 3.62 0.13584 0.13584 7.53 0.014
B LV 1 0.59 0.03329 0.03329 1.85 0.192
RD 1 5.26 0.26462 0.26462 14.66 0.001
T 1 46.31 1.73648 1.73648 96.23 0

Square 2 4.73 0.17728 0.08864 4.91 0.021
H LV·H LV 1 1.79 0.17109 0.17109 9.48 0.007

RD·RD 1 2.94 0.11008 0.11008 6.10 0.024

2-Way Interaction 5 14.08 0.52797 0.10559 5.85 0.003
H LP·H LV 1 1.95 0.07309 0.07309 4.05 0.060

H LP·T 1 2.90 0.1089 0.10890 6.04 0.025
H LV·B LV 1 2.68 0.10043 0.10043 5.57 0.031
B LV·RD 1 4.62 0.17310 0.17310 9.59 0.007
B LV·T 1 1.93 0.07244 0.07244 4.01 0.061

Error 17 8.18 0.30677 0.01805 - -
Lack-of-Fit 14 6.40 0.24014 0.01715 0.77 0.685
Pure Error 3 1.78 0.06662 0.02221 - -

Total 29 100.00 - - - -

In order to investigate the effect of high energy and high-temperature preheating on the distortion,
an additional four bridge samples were made. Those samples were built with increasing H LP
according to Table 5.

Table 5. Parameters of samples with increasing laser power and value of α.

Sample
Number

H LP (W)
H LV

(mm/s)
B LV

(mm/s)
RD (s) T (◦C)

H Ed
(J·mm−3) 1 α (◦)

31 275 700 350 22 550 65.5 0.363
32 300 700 350 22 550 71.4 0.224
33 325 700 350 22 550 77.4 0.313
34 350 700 350 22 550 83.3 0.098

1 Calculated as H Ed = H LP·(H LV·Lt·Hs)−1, Layer thickness (Lt) = 50 μm, Hatch spacing (Hs) = 120 μm.

153



Materials 2019, 12, 930

3.3. Mathematical Model for Relative Density

Equation (2) represents a mathematical model of significant parameters with an influence on the
relative density. Figure 6 shows a Pareto chart of standardized effect for evaluated relative density data.
ANOVA results are shown in Figure 7 and Table 6. The correlation of the regression model for relative
density value is confirmed by determination coefficients R2 = 89.38% and adjusted R2 = 82.29%.

Relative density = 136.67 − 0.1558 H LP − 0.0628 H LV − 0.00004 B LV + 0.00766 T + 0.0390 RD
+ 0.000232 H LP*H LV

(2)

 
Figure 6. Pareto chart of the standardized effect to relative density.

 
Figure 7. Main effect plot for relative density.

Table 6. ANOVA table for relative density.

Source DF Contribution (%) Adj SS Adj MS F-Value P-Value

Model 6 89.38 893.804 148.967 12.62 0.001

Linear 5 62.96 629.660 125.932 10.67 0.001
H LP 1 34.66 346.611 346.611 29.36 0
H LV 1 23.85 238.471 238.471 20.20 0.002
B LV 1 0 0.0010 0.001 0 0.993

T 1 2.88 28.756 28.756 2.44 0.153
RD 1 1.58 15.821 15.821 1.34 0.277

2-Way Interaction 1 26.41 264.144 264.144 22.38 0.001
H LP·H LV 1 26.41 264.144 264.144 22.38 0.001

Error 9 10.62 106.239 11.804 - -

Total 15 100.00 - - - -

3.4. Analysis of Used Powder

Figure 8a shows the influence of high-temperature base plate preheating (550 ◦C) on the
powder. The powder significantly changed colour from silver to brown and there is a hint of particle
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agglomeration. Therefore, the powder used in build job with 550 ◦C was checked by the SEM
microscopy in order to investigate the particle agglomeration and their shape (Figure 8b).

 
(a) 

 
(b) 

Figure 8. The powder used in heating unit preheated to the 550 ◦C (a) Build job made with 550 ◦C;
(b) SEM microscopy photo of the powder used with 550 ◦C.

Powder chemistry analysis was done after first build job with preheating to 200 ◦C and these
results were compared with the powder used with 550 ◦C preheating. Results in Table 7 confirm a rise
in oxygen content from 0.12 to 0.33 wt % and in the hydrogen from 0.002 to 0.0168 wt %. Aluminium
content also slightly rose from 6.05 to 6.11 wt %, but nitrogen content decreased from 0.017 to 0.0149
wt %. Results are compared with the ASTM B348 Grade 5 titanium requirements and virgin Ti6Al4V
powder chemical composition received by the vendor.

Table 7. Chemical composition analysis of the Ti6Al4V powder.

Powder State/Checked Elements Al (wt %) O (wt %) N (wt %) H (wt %)

ASTM B348 Grade 5 5.50–6.75 Max. 0.20 Max. 0.050 Max. 0.0125
Virgin Ti6Al4V 6.38 0.087 0.0080 0.0020
Ti6Al4V 200 ◦C 6.05 0.120 0.0170 0.0020
Ti6Al4V 550 ◦C 6.11 0.330 0.0149 0.0168

4. Discussion

4.1. Top Surface Angle Distortion α

The main contribution of each parameter on the distortion, and therefore the amount of residual
stresses, can be derived from the ANOVA (Table 4). Further on the significance of each parameter can
be evaluated by a p-value. If the value is lower than 0.05, then the parameter is significant, while the
p-value of the lack-of-fit parameter should be high, which shows that the error value is not significant.
The p-value of the lack-of-fit parameter 0.685 shows that the regression model for the top surface angle
distortion α fits the measured data.

Table 4 and Figure 5 show that the most significant parameters for reduction distortions are T and
H LP with 46.31% and 17.22% linear contribution. P-values of those parameters are 0. The RD and H
LV are not that significant in comparison with the previous two parameters. Their linear contributions
are 5.26% and 3.62%, while p-values are lower than 0.05, therefore parameters are significant. The B LV
can be considered as an insignificant parameter with 0.59% linear contribution and the p-value greater
than 0.05. Figure 5 indicates that H LP, B LV and T have linear behaviour in contrast to RD and H LV.

From the ANOVA results, it can be concluded that increasing the preheating temperature or laser
power causes a reduction in deformation. In contrast, increasing H LV, B LV and RD lead to higher
deformations. This can be contributed to the cooling rate, which is lower with slower laser movement,
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higher preheating and shorter waiting time. Therefore, the thermal gradients, residual stresses and
finally distortions are lower [9,11,15,21,22].

Optimal parameters for achieving the lowest distortion can be predicted from the fitted regression
model (Figure 9). For reaching the lowest distortion it is predicted to use H LP 275 W, H LV 785
mm/s, B LV 350 mm/s, RD 17 s and T 550 ◦C. Predicted α is −0.182◦. In contrast, the lowest distortion
predicted with a preheating temperature of 200 ◦C is 0.139◦.

 

Figure 9. Predicted values for the lowest distortion in the full range of observed parameters.

Figure 10 shows the influence of energy density (ED) on the top surface angle distortion α.
Samples used for this comparison were made with the same preheating temperature of 550 ◦C and
200 ◦C. The effect of B LV and RD was neglected. The interpolated line for 200 ◦C samples is constantly
dropping with increasing ED and as was measured by Mishurova et al. [7], and this trend constantly
continues. In contrast, the interpolated line for 550 ◦C samples with added high ED samples starts
much lower than 200 ◦C line. The decrease of α value is gradual until 65 J/mm3 and drops rapidly
with higher ED.

Figure 10. Effect of energy density on the top surface angle distortion α.

4.2. Relative Density

The most significant effect out of involved parameters influencing the relative density are H LP
and H LV. The linear contribution is 34.66% for H LP and 23.85% for H LV. They are also significant in
their two-way interaction with a contribution of 26.41%. P-values are 0 for H LP and 0.002 for H LV.

Preheating temperature has a linear contribution of 2.88% while its p-value of 0.153 is higher than
0.05. This means that this parameter in the observed range is not that significant for the model due
to the high contribution of H LP and H LV. Relative density rose with higher T. Positive influence of
preheating was also confirmed on stainless steel M2. It was proved by Kempen et al. [19] that with
higher preheating temperature, higher laser velocities can be used while maintaining relative density.
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The real delay has a linear contribution of 1.58% and a p-value of 0.277, which means the RD has
minimal influence on relative density. Prolonged RD leads to an increase in relative density.

Border laser velocity with a linear contribution of 0 % and p-value 0.993 means that this parameter
was not significant for the model, which can be due to the place where porosity was measured.

From the ANOVA (Figure 7) it can be deduced that a sample will have maximum relative density
when values of H LP, RD and T are set as the highest and H LV as the lowest. This means the highest
energy density is in the hatch.

4.3. Powder Degradation

There is clear evidence that the chemical composition of the powder significantly changed due
to oxidation. Titanium alloys suffer high chemical affinity to oxygen leading to form a thin oxide
layer even on air room temperature. Exposing titanium to an oxygen-containing atmosphere at
elevated temperatures around 550 ◦C increase diffusion rates through thin oxide layers, and allows
penetration of oxygen in the material [23]. After experiments with 550 ◦C preheating, oxygen content
increased against 200 ◦C preheating from 0.12 to 0.33 wt % which is 0.13% higher than the ASTM B348
requirement for Grade 5 titanium.

Increased oxygen content in the Ti6Al4V causes an increase in yield and ultimate tensile strength,
whilst ductility up to 0.19 wt % of the oxygen content remains constant [24]. Ti6Al4V additively
manufactured alloy is due to rapid cooling mainly composed from α’martensitic microstructure
even with preheating up to 550 ◦C [15]. Therefore, this is sensitive to oxygen content because of the
concentration of oxygen higher than 0.22 wt % leads to the brittleness of the α’martensitic structure.
Critical oxygen content for α and β structure is 0.4 wt % [25]. Oxygen concentration above 0.25 wt %
leads to change in the typical microstructure, which causes a sharp decrease in ductility of Ti6Al4V [26].

Hydrogen content in the powder used under 550 ◦C exceeds the approved ASTM B348 limit
value of 0.0125 wt % and its content rose from 0.002 to 0.0168 wt %. The diffusion rate of the hydrogen
is rapidly increasing at the elevated temperatures [23]. The origin of the hydrogen element is most
probably from powder moisture which was kept below 10%. Hydrogen in titanium alloys causes a
phenomenon known as hydrogen embrittlement and could lead to part failure [27,28].

It was shown that the critical issues with processing the titanium alloy by SLM at high
temperatures are connected with chemical composition changes in the unused powder, although
the material was processed under argon atmosphere with oxygen concentration of 0.05% and powder
humidity kept below 10%. The measured concentration of oxygen and hydrogen was beyond ASTM
B348 requirement for Grade 5 titanium. Therefore, the used powder cannot be used for mechanical
stressed parts.

5. Conclusions

Effects of hatch laser power, hatch laser velocity, border laser velocity, preheating temperature
and delay time on residual stress and relative density on SLM processed Ti6Al4V samples have been
investigated. In addition, the impact of preheating temperature up to 550 ◦C on Ti6Al4V powder
degradation has been discussed. The main findings are the following:

- The preheating temperature has the main effect on the distortion and residual stress out of all
observed parameters. With a high preheating temperature of 550 ◦C, the distortions of the top
surface decreased and the relative density increased. The linear contribution effect of preheating
was 46.31% on the distortion and 2.88% on the relative density.

- Relative density mainly depends on the hatch laser power and hatch laser velocity.
- Higher energy density decreased the deformations of the BCM samples. The value of the top

surface distortion α decreased from 0.363◦ to 0.098◦ with increased energy density from 65.5 to
83.3 J·mm−3.
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- Longer delay time negatively influenced distortions, but improved relative density. The linear
contribution effect of the delay time was 5.26% on the distortions and 1.58% on the relative density.

- Powder bed preheating to 550 ◦C led to fast powder degradation. The oxygen and hydrogen
content rose beyond the ASTM B348 requirement for Grade 5 titanium after one build job.
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Abstract: The effect of electron-beam melting (EBM) and selective laser melting (SLM) processes
on the chemical composition, phase composition, density, microstructure, and microhardness of
as-built Ti55511 blocks were evaluated and compared. The work also aimed to understand how each
process setting affects the powder characteristics after processing. Experiments have shown that both
methods can process Ti55511 successfully and can build parts with almost full density (>99%) without
any internal cracks or delamination. It was observed that the SLM build sample can retain the phase
composition of the initial powder, while EBM displayed significant phase changes. After the EBM
process, a considerable amount of α Ti-phase and lamella-like microstructures were found in the EBM
build sample and corresponding powder left in the build chamber. Both processes showed a similar
effect on the variation of powder morphology after the process. Despite the apparent difference in
alloying composition, the EBM build Ti55511 sample showed similar microhardness as EBM build
Ti-6Al-4V. Measured microhardness of the EBM build sample is approximately 10% higher than the
SLM build, and it measured as 348 ± 30.20 HV.

Keywords: titanium alloy; Ti55511; synchrotron; XRD; microscopy; SLM; EBM; EBSD; additive
manufacturing; Rietveld analysis

1. Introduction

Additive manufacturing (AM) also known as “3D printing” is an advanced manufacturing
technology which allow fabrication of geometrically complex and functional parts directly form the
computer-aided design (CAD) model in a short time with limited tooling cost and with almost no
material waste [1–6]. Hence, AM is a potential technology in areas where a high degree of customization
and on-demand manufacturing is key such as aerospace and medical industry.

Different types of AM techniques have been developed for metallic materials, and they can be
categorized into many different subclasses based on energy sources, feed material, and ingredient
material feeding approach as described by Liu et al. [7]. Among various AM techniques, the powder
bed selective laser melting (SLM) and electron beam melting (EBM) are two common AM techniques,
and these systems have been described in detail by Samy et al. [1] and Maimaitiyili et al. [2], respectively.
In general, AM processes involve shaping a build plate and selectively melting the raw material (e.g.,
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wire/powder) to form a three-dimensional solid object using a high energy focused laser or electron beam
with multi-axis motion. Even though the basic operational principle of the AM method is relatively
simple, the actual metal AM process is complex, and the results depend upon different settings of the
system such as beam power (current), scanning speed, preheat temperature, etc. These are collectively
referred to as processing parameters. In the AM process, processing parameters determine the build
environment and cooling conditions and, consequently, affect the phase composition [1,2,8,9], residual
stress [2], texture [2,8,10], surface roughness [11], density [7,12,13], and mechanical properties [3,7,12–15]
of the as-built part. The lack of understanding of the relationship between process parameters and
microstructure hinders the prediction of the properties of the built material and service life.

Titanium-based alloys have been widely used as an engineering material in many industries
because of their excellent combination of a high strength/weight ratio and good corrosion
resistance [1,2,10,12,14–17]. However, extracting high purity Ti and producing usable Ti-alloy parts
are difficult and expensive processes. Therefore, there is a strong interest in using AM, such as SLM
and EBM techniques, to process Ti-based materials.

The mechanical properties of Ti-alloys depend on the microstructure, chemical, and phase
composition [3,7,12–15]. Based on concentrations of alloying elements, Ti-alloys can be divided
into three main classes: α, α + β, and (meta-stable and stable) β-alloys [17,18]. Depending on
alloy composition and heating/cooling rates, Ti-alloys can also contain metastable α′ (hcp) and α”
(orthorhombic) phases [1,17–19]. Therefore, it is of fundamental and technological importance
to investigate the influence of AM processes on the phase composition and microstructure in
Ti-alloys. Many AM studies have been performed on the two-phase (α + β) Ti-alloy known as
Ti-6Al-4V [1,2,5,6,8–11,14,20] ,while other alloy compositions such as Ti–5Al–5Mo–5V–1Cr–1Fe (Ti55511)
have been less addressed [13,21].

The Ti55511 is a near β-type alloy with important application in aerospace industries [13,22–24].
Compared to Ti-6Al-4V, the Ti55511 is a superior structural material, as it provides comparable or higher
strength with 15%–20% less weight [24]. Most of our knowledge has been derived from conventionally
manufactured materials [23,24]. Characterization of phases and microstructure after synthesis using
different AM methods has not yet been performed. Here, we report and compare the build quality,
microstructure, and phase composition of Ti55511 synthesized by SLM and EBM.

2. Materials and Methods

2.1. Powders

Pre-alloyed Ti–5Al–5Mo–5V–1Cr–1Fe (Ti55511) powder prepared by gas atomization with an
average particle size of 43 μm for SLM and 71 μm for EBM was obtained from KAMB Import–Export
Warszawa (Nr CAS: 7440-32-6). The chemical compositions (wt%) of the as-received Ti55511 powder
was Al 5.17, Mo 4.95, V 4.74, Cr 0.92, Fe 1.01, balanced by Ti.

Laser diffraction particle size analyzer Partica LA-950 V2 system (Horiba, Tokyo, Japan) was used
to measure the particle size distribution. For accuracy, each measurement was repeated three times.
The results are plotted in Figure 1, and some important parameters are listed in Table 1.

A scanning electron microscope (SEM) equipped with an energy-dispersive X-ray detector system
was used to examine the shape, size distribution, surface morphology, and external and internal defects
of the powders. In addition, optical microscopy was employed to observe the internal porosity, defects,
and cross-section of the powders. Selected SEM images of powders before and after processing are
shown in Figure 2. Figure 3 shows the internal defect of the powders. The size distribution determined
by SEM agrees well with data presented in Figure 1 and Table 1.
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Figure 1. Particle size distribution of Ti55511 powders.

Table 1. Powder size distribution before and after processing measured by the laser diffraction method.

Ti55511

SLM EBM

Before After % Change Before After % Change

D10 (μm) 27.96 30.42 8.80 50.88 59.74 17.41
D50 (μm) 40.42 44.82 10.89 70.41 85.32 21.18
D90 (μm) 60.32 68.58 13.68 99.23 127 28.02

“D10”, “D50”, and “D90” mean the particle sizes at 10 vol%, 50 vol%, and 90 vol%, respectively.

2.2. Sample Build Processes

The Ti55511 blocks with dimension of 2.5 × 2.5 × 5 cm were fabricated using both SLM and EBM
methods in 90◦ (long side of the sample was along with the build direction), 0◦ (long side of the sample
was in the build plane), and 45◦ (long side of the sample was 45◦ to the build plane) orientations.
All microstructure related results presented were obtained from 90◦ samples.

The SLM samples were made with ReaLizer 250 II SLM machine (ReaLizer GmbH, Borchen,
Germany) equipped with a 400 W fiber laser. The laser melting process was carried under a protective
argon atmosphere with O2 content less than 0.1 vol.%. The laser power (P) was 200 W, the scan speed
(v) 330 mm/s, the hatch spacing (h) 0.21 mm, and layer thickness (d) 50 μm. To reduce thermal residual
stress and elemental segregation, the samples were built on a Ti-6Al-4V substrate pre-heated to 250 ◦C
prior to the building process.

The EBM specimens were built on an Arcam A2 machine (Arcam AB, Mölndal, Sweden) with a
layer thickness of 50 μm. The processing parameters, such as spot size and scan velocity, were defined
by the Arcam A2 process control algorithm. The scanning speed was 4530 mm/s, current 15mA, focus
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offset 3mA, and preheat temperature 650 ◦C. To investigate only the process effect, no post-treatment
was applied to the specimens.

The scan strategy used in SLM was the “island” scan strategy in which each layer was divided
into 3 mm × 3 mm square islands. Scan tracks in each island were exposed at the same orientation
with respect to the neighboring island and rotated 90◦ among alternating layers.

In the EBM, a bidirectional scan strategy was used in which all tracks are made with alternating
direction, i.e., left-to-right, then right-to-left.

The scanning strategies used are those that resulted in this material lowest residual stress and
porosity which determined after cube print tests.

2.3. Characterization Methods

All samples used for microscopic studies were prepared by using standard metallographic
preparation routines. Examination of microstructure was performed using a Visible Light Microscope
(VLM, Leica DMRX + SpeedXT Core5, Wetzlar, Germany) and ZEISS NVision40 scanning electron
microscope equipped with an energy-dispersive X-ray spectrometer (EDS) analysis system from Oxford
Instruments (Oberkochen, Germany). To obtain phase and texture related information from the as-built
material, electron backscatter diffraction (EBSD) investigations were performed using a field emission
gun scanning electron microscope (FEG SEM) ZEISS ULTRA 55 equipped with an EDAX Hikari
Camera (Oberkochen, Germany) operated at 20 kV in a high current mode with 120 μm aperture.

To identify the phase composition of powders, synchrotron X-ray powder diffraction were carried
out at the Material Science (MS) beamline X04SA-MS4 of the Swiss Light Source (Paul Scherrer
Institute, Villigen, Switzerland) using the MYTHEN II detector. All measurements were made at room
temperature with 25.1 keV (λ = 0.4940 Å) X-ray beam and 60s exposure.

Diffraction data of as built material were acquired using a D500 X-ray diffractometer (XRD) from
Bruker–Siemens (Karlsruhe, Germany) with Cu Kα radiation (λ = 0.15406 nm) operating at 40 mA
and 40 kV. The step size and the acquisition time were 0.01◦ and 1 s respectively. All measurements
were conducted at room temperature at the center of each test blocks cut from each sample faces (xy-,
xz- and yz-planes) from the top- and bottom-half of the sample. The quantitative phase analysis was
performed with a Topas-Academic software package.

Porosity was characterized using the Archimedes technique and microscopy. Cuboid samples
were sectioned at different depths, ground and polished, and inspected in SEM. On average, 120 images
were captured from each sectioned part and stitched with the functions in IMAGIC IMS V17Q4. These
color images were then converted into 8 bit black-and-white images using ImageJ. To understand the
shape of the pores, a circularity of the pores was also calculated with this program.

3. Results and Discussions

3.1. Powder Characterization

Figure 1 and Table 1 present the results of the powder size distribution (PSD) of different powder
samples obtained using a Partica LA-950 V2 laser particle size analyzer (Kyoto, Japan). Figures 2 and 3
show the morphology and external/internal defect of the powders, respectively. Both SLM and EBM
powder particles predominantly in spherical shape with limited quantity of non-spherical particles
and spherical imperfections. Both SLM and EBM powders have a nearly normal size distribution
(Figure 1). The SLM powder had a size distribution between 28 (D10) and 60 μm (D90) with mean
volume diameter around 40 μm. The EBM powder had a size distribution between 51 (D10) and 99 μm
(D90) with mean volume diameter around 70 μm.
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Figure 2. SEM images showing the morphologies of ingredient powder before (a,c) and after (b,d) the
EBM (a,b) and SLM (c,d) processes.

It has been reported that a spherical powder with narrow PSD has a positive effect in both
mechanical properties and finishing surface for the sample [25]. Because of charging problems
associated with electron beam, commonly, a larger powder is used in the EBM [2]. According to the
literature [2,4,5], measured PSD of the EBM and SLM was in the suggested PSD range for respective
methods. Hence, both types of powders are ideal for processing with corresponding methods and all
observation reported here can be directly related to the alloy and the manufacturing methods in use.

After processing, the powder remains predominantly spherical as shown in Figure 2b,d. Table 1
shows, however, that both the SLM and EBM process caused changes in powder size distribution.
The averaged sizes tended to increase which can be due to the powder agglomeration or powder
recoating. Occasionally, broken powder particles were observed as shown in Figure 2d. It is, however,
clear that both process routes have limited effect on the powder quality.

Figure 2 shows cross-sections of embedded powder after etching before and after usage. The initial
microstructure (before usage) of the SLM and EBM powders was very similar. The powder used in
the SLM process was not different, but the powder used in EBM showed a lamellae microstructure
with a mixture of very fine and coarser α and β phases. Similar lamella microstructure is reported by
Li et al. [26] for thermally treated conventional Ti55511 which first solution treated at 920 ◦C for 120 min
and annealed at 700 ◦C for 60 min. Therefore, it is believed that the high build plate temperature used
in the EBM process together with heat dissipated from the melt zone during electron beam scanning is
the main cause of such significant phase transformation observed in the remaining powders left in the
build chamber.
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Figure 3. Internal microstructure of EBM powder (a) before and (b) after processing. Microstructure of
SLM powder (c) before and (d) after processing.

The chemical composition of powder samples before and after the process was assessed by EDS
analysis. As in Figure 3, the elemental map of powders before SLM and EBM process and as well as
after SLM process do not show any distinct regions, and they all seemed homogeneous and featureless.
However, there are two distinct regions in the elemental map of powder after the EBM process: Mo
dense and Mo depleted region. Such a difference indicates a difference in phases. In Ti-alloy, Mo
and V work as a β stabilizers, and Al is an α stabilizer [17]. Therefore, during phase formation, these
elements will preferentially partition to the respective phases.

The diffraction patterns of powders before and after the process shown in Figure 4 confirm a
microstructure only composed of the β Ti-phase. Remaining powder in the SLM build chamber after
the process consisted of comparable phase composition as ingredient powder, however, the remaining
powder after the EBM process showed the clear presence of α Ti-phase in addition to β Ti-phase.

It is well known that titanium and its alloys have a strong affinity for oxygen, and they can react
to form detrimental oxides at elevated temperatures which potentially degrade the quality of the build
parts [7]. However, from Figure 4, one can see that all powders are free from oxides. In addition, all
powders did not show any observable color changes after the process. Therefore, it is safe to say that
both EBM and SLM process are equally effective in preventing oxygen contamination, and powder
degradation related to oxygen from both methods are minimal.
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Figure 4. Diffraction pattern of powders before and after the process. These color-coded tick marks
under the diffractogram correspond to the expected peak positions of α- and β-Ti phases reported in
the Inorganic Crystal Structure Database (ICSD) [27] (ICSD reference number of α-phase is 191187 and
β-phase is 653278).

It is commonly reported that the powder morphology [25], oxygen content [7], and PSD [25] have
significant impact on the final build material quality, and for that reason these parameters are often
used/discussed in the literature for evaluating the impact of an additive manufacturing process to the
powder degradation behavior. However, it is not clear whether the phase composition of the ingredient
powder has any influence on the porosity of the build parts. As different phases have a different
crystal structure and each phase mixtures can have specific microstructures, it can be expected that
the thermal/chemical properties of the powders with phase transformation can be different from the
standard/initial powders. Therefore, it might be also important to include powder phase composition
in the discussion of powder degradation evaluations together with other parameters.

3.2. Surface Roughness

All builds from both methods were successful, with no warping, distortion, lifting from the base
and no macro/micro-scale cracking. The physical appearance of vertically built samples in the 90◦
orientation from SLM and EBM are shown in Figures 5a and 5b, respectively. Clear band-like patterns
were observed in the SLM-built specimen (Figure 5a). A limited number of rough spikes sticking to the
sides of the EBM-built specimen, as shown with arrows in Figure 5b, were observed. It is believed
that these spikes might be caused by fallen agglomerated powders/melts which spatter out during
scanning processes. As the distribution of these spikes is random, the occurrence is limited and can be
removed relatively easily, they are excluded from the surface roughness evaluations. The roughness
was measured with a Veeco Dektak 8 (NY, USA) profilometer and values of 12.27 μm and 38.05 μm
were obtained for SLM and EBM, respectively. The surface roughness of the additively manufactured
parts was mainly influenced by the powder particle size and build layer thickness [28,29]. In general,
the smaller the particle size, the thinner the layer thickness and so the higher the surface quality. The
size of the powder particles used in EBM was twice the size of SLM, so a higher surface roughness was
expected for EBM.
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Figure 5. Photography of (a) SLM and (b) EBM samples build on 90◦ orientation. (c) Density
comparison of SLM (red) and EBM (blue) samples built on three different orientations obtained from
the Archimedes principle.

3.3. Porosity

Figure 5c shows the Archimedes density measurement results of samples built in three different
orientations. The standard deviations of density measurement were less than 0.005 g/cm3 for all
measurements. As can be observed, EBM in general gave higher density than SLM irrespective of
sample build orientation, but the difference between these two was less than one percent (0.39%). With
respect to reported densities in literature, both methods can produce an almost fully dense structure
(99.38 and 99.77% for SLM and EBM, respectively). Results of the porosity after image analysis from
the xy- and xz-planes agreed well with the results presented in Figure 5c. The SLM sample had more
pores than the EBM samples. The size of the pored ranged between 5 and 300 μm in SLM and 5 and
70 μm in EBM. The distribution of the porosity in the xy planes can be observed in Figure 6. The figures
confirm the difference in porosity but also reveal differences in their distribution.

Generally, two types of pores exist in powder-based AM: spherical, gas-induced pores, and
irregular-shaped, process-induced pores [7,30]. The first can occur due to the presence of entrapped
gas in the powder particles during atomization, the latter mainly associated with non-optimal process
parameters [30]. According to Figure 6 and results from the image analysis, pores in the EBM sample
were mostly gas pore type, while in SLM both types were observed.

An interesting point to notice on the micrographs presented in Figure 6 were the pore patterns.
In the EBM build sample, pores seemed to form randomly at both build direction and build planes,
while in SLM, there was a clear tendency to form preferentially in both directions. In SLM most pores
tended to form linearly in the build direction. In the build plane, pores occurred mostly at or near to
the corners of a scanning “island” (Figure 6b,c). The reason for having such a pore formation pattern
in SLM may be related to the scanning strategies in use. When the microstructure was observed after
etching in the xy-plane of SLM build sample (Figure 6c), one can identify the used scanning strategy.
The approximate size and locations of one “island” is shown in Figure 6c by a red square. As seen in
Figure 6c, pores were indeed most prevalent at the “island” intersection or corner regions. One of the
possible reasons for this is when the laser reaches the “island” border and starts to melt the next scan
vector, a process associated pores, such as keyhole and lack of fusion might be formed. This problem
can be mitigated or eliminated by (1) increasing the overlap between “islands”, (2) introducing a shift
and tilt between layers, (3) adding a contour scan with lower energy density in each “island” just
before or after its completion, (4) changing the scanning speed when the scan vector approaches the
“island” border.
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Figure 6. VLM image of (a) EBM and (b) SLM samples before etching. (c) VLM image of SLM sample
after etching. All images are taken from the xy-plane (or build plane) of samples.

3.4. Microstructures of the Build Material

Figure 7 illustrates typical microstructural features from three perpendicular planes of SLM (first
row) and EBM (second row) processed Ti55511 alloy. The orientation of the planes is indicated, and
the axes are given in Figure 5b. In the xz surface plane of the SLM sample (Figure 7a), individual scan
tracks and molten pool boundaries with the typical arc-shaped configuration are observed. The tracks
are about 60–110 μm in thickness and 100–200 μm in width and are produced by the Gaussian-like
energy distribution of the laser.

Parallel to the building direction (Z) columnar grains are visible in both SLM and EBM samples.
These columns are much larger than the layer thickness. The width of the columnar grains is smaller
in the SLM built sample than in the EBM (Figure 7c,f). In the xy-plane the cross-section of the columns
was equiaxed in both samples (Figure 7b,e). Despite significant alloy composition differences, in the
EBM sample fine grains with lamella and Widmanstätten-like structure (Figure 7d–f) similar to EBM,
processed Ti-6Al-4V can be observed within the large columns. A similar microstructure is observed in
the used powder (Figure 3b). Figure 8 shows an EBSD phase map and an inverse pole figure taken
from the xz-plane of the EBM sample revealing the presence of about 67 wt% α phase and 33 wt% β

phase. Areas of similar orientation that were likely to have originated from the same parent β grain
can be recognized.

This microstructure and phase differences between EBM and SLM build samples can be ascribed
to the difference in build plate temperature and cooling rates applied. Because of faster scanning speed
and a high chamber temperature of the EBM, the cooling rate will be slower than the SLM. Therefore,
the average temperature of the melt pool and heat affected zone in EBM will be relatively higher than
in SLM which will consequently lead to grain growth and β→α transformation.
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Figure 7. Microstructure of SLM (three images in first/top row) and EBM (all three images in
second/bottom row) build samples. (a,d) are VLM image from the xz-plane; (b,e) are from the xy-plane;
(c,f) are EBSD pattern from the xz-plane.

Figure 8. High-resolution EBSD (a) phase map and (b) IPF of EBM build sample.
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Similar to the powder analysis, the chemical composition of the as-built samples was assessed
by EDS analysis. The elemental map of the as-built SLM sample does not show any distinct regions
and they all seem homogeneous and featureless. In the as-built EBM sample, however, there are two
distinct regions in the elemental map like what was observed in the EBM powders after processing.

The XRD analysis, performed on the xy-plane of the as-built samples, confirmed that the SLM
consists predominantly of beta phase but reveals also the presence of a limited amount of α or α’
phase (<3 wt%) as shown in Figure 9a. Because of limited quantity and the almost identical unit
cell parameters of α and α’ phase, it is not possible to distinguish between them. According to the
literature, the α’ phase commonly associated with the extreme temperature change is usually observed
in the SLM build Ti-6Al-4V [1,8,17]. The α phase, on the other hand, is associated with an isothermal
cooling condition [2,10,17,31] and is commonly observed in the EBM build Ti-6Al-4V. Therefore, it is
believed that that the minority phase present in the SLM build sample might be α’ phase.

Figure 9. (a) Diffraction pattern of as-built samples. These color-coded tick marks under the
diffractogram correspond to the expected peak positions of reported α- and β-Ti phases. (b) Rietveld
refinement result of XRD data from EBM build sample.

The XRD pattern of the EBM sample confirms the presence of α and β phases. Rietveld analysis
(Figure 9b) was performed and the lattice constants of hexagonal close packed α phase determined to
be a = 2.931(7) Å and c = 4.658(8) Å, respectively, with c/a ratio of 1.5891. For the body-centered cubic β
phase, a = 3.230(9) Å. As shown in the figure, the phase fraction of the α phase is 64.82 wt% and the β

phase is 35.18%. This result supports the observation from the SEM.
The mechanical properties of a Ti-alloys are strongly determined by their microstructure and

phase composition. Measured microhardness of various samples seemed to match with literature.
The mean microhardness profiles of the SLM and EBM build samples were 315 ± 3.41 HV and
348 ± 30.20 HV, respectively. Increased microhardness of the EBM build sample can be attributed
to the amount of α phase present. From the values of standard deviations of microhardness, it is
evident that the SLM build sample has relatively consistent microhardness while the EBM samples
show a larger deviation. This variation indicates that the SLM sample has a uniform microstructure
throughout while the EBM sample has an inhomogeneous microstructure. This agrees well with
the microstructure presented in Figures 7 and 8. Here it is also important to point out that despite
apparent differences in alloy chemical composition, the microhardness of the EBM build sample
is very similar to α phase dominated EBM build Ti-6Al-4V reported by Neikter et al. [32]. Such
similarity can be explained by the similar α + β microstructure observed in both types of alloys after
the EBM process. The microhardness of the EBM build sample seemed to slightly lower (but same in
standard deviation) than what Kurzynowski et al. [13] reported for EBM build Ti55511, previously.
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As hardness of the material is the resistance of the material to plastic deformation, one can expect that
the EBM build sample may show higher strength than the SLM build samples. However, this needs
further investigation.

4. Conclusions

The Ti55511 parts were successfully fabricated using SLM and EBM techniques. The results
indicate that both methods can process Ti55511 and achieve almost full density with limited porosity.
For the process parameters used in this study, the SLM process gives a slightly lower density and
better surface quality. The shape of the pores in the EBM production appears to be mostly spherical
while more random shapes are observed in SLM. The dominant β phase in the original powder
becomes a minority phase after EBM processing, while there is almost no phase transformation in
the SLM. Because of high build temperature and relatively slow cooling rate, the EBM build samples
show a lamella and Widmanstätten-like structure similar to the microstructure observed in EBM
processed Ti-6Al-4V despite it is alloy composition. Because of the lamella microstructure, the EBM
build sample showed about 10% higher microhardness than the SLM build samples and it measured
as 348 ± 30.20 HV. To achieve near-β phase composition in Ti55511 after EBM processing, the current
processing route needs to be optimized or the build part needs additional post-heat treatments.
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Abstract: Electron beam melting (EBM) is gaining rapid popularity for production of complex
customized parts. For strategic applications involving materials like superalloys (e.g., Alloy 718),
post-treatments including hot isostatic pressing (HIPing) to eliminate defects, and solutionizing and
aging to achieve the desired phase constitution are often practiced. The present study specifically
explores the ability of the combination of the above post-treatments to render the as-built defect
content in EBM Alloy 718 irrelevant. Results show that HIPing can reduce defect content from as
high as 17% in as-built samples (intentionally generated employing increased processing speeds in
this illustrative proof-of-concept study) to <0.3%, with the small amount of remnant defects being
mainly associated with oxide inclusions. The subsequent solution and aging treatments are also found
to yield virtually identical phase distribution and hardness values in samples with vastly varying
as-built defect contents. This can have considerable implications in contributing to minimizing
elaborate process optimization efforts as well as slightly enhancing production speeds to promote
industrialization of EBM for applications that demand the above post-treatments.

Keywords: additive manufacturing; electron beam melting; defects; microstructure; hardness; alloy
718; hot isostatic pressing; post-treatment

1. Introduction

Electron beam melting (EBM) is a powder bed fusion-based metal additive manufacturing (AM)
technique bearing capability to produce components with high design flexibility. The material systems
which can significantly benefit from EBM technology include high-performance materials such as
Ni-based superalloys, e.g., Alloy 718, and Ti-alloys [1,2]. In the beginning, a vast majority of the research
activity relating to EBM was focused on Ti and its alloys, particularly Ti-6Al-4V [3,4]. Since incorporation
of defects (typically gas and shrinkage porosity, and lack of fusion) is a concern during EBM production,
there have been several reported efforts with emphasis on process understanding and optimization to
curtail defect formation in EBM manufactured Ti-6Al-4V [5–8]. Moreover, use of unoptimized process
parameters has been shown to result in extensive defect formation [8].

Such defect formation in EBM Alloy 718 can also have particularly adverse consequences, as
defects can degrade mechanical behavior of the EBM-built material. For instance, anisotropy in tensile
behavior of heat-treated EBM Alloy 718 has been attributed to remnant defects [9,10]. The formation
of the above defects is not only attributable to the use of unoptimized process parameters but can
also occur due to stochastic instabilities in the process. These can include a temporary decrease in
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electron beam power, non-uniform spread of powder, poor sintering of the powder prior to melting,
spattering of powder from the build layer due to excessive electrostatic forces in an event called
“smoking”, etc. [11–13]. All of these have been reported to cause formation of lack of fusion defects [13].
Consequently, a set of post-treatments are typically considered to enhance the properties of the as-built
material [14–16] and are deemed particularly necessary in the case of the demanding applications that
Alloy 718 is routinely employed for.

In this context, even with use of optimized parameters, defects, to some degree, are inherent to
EBM processed Alloy 718 [17]. Consequently, the as-built material is subjected to hot isostatic pressing
(HIPing) to close the defects present in the material [18]. In addition, the HIP’ed material is typically
subjected to solution treatment and aging to achieve the required phase composition. In this context, it
is pertinent to mention that the typical recommended parameters for HIPing are 1120–1185 ◦C, 100 MPa,
4 h, to be followed by a 1 h solutionizing treatment and a two-step aging involving a 8 h treatment for
each step, which is perhaps “borrowed” from what has been the practice with wrought Alloy 718 [19].
Therefore, a holistic approach of optimizing the process, together with applied post-treatments, is
relevant from a technology industrialization standpoint. In this context, prior work in the authors’
group has shown that the aging treatment can potentially be shortened considerably to (4 + 1) h instead
of (8 + 8) h [20]. Reduction in processing time and costs are also pivotal to industrial exploitation of
the EBM technology. Sames et al. [18] have reported that a major limitation is the processing speed.
However, faster production speeds are known to lead to poor surface finish and/or increased defect
content [18,21]. Specifically, in cases where such post-treatment involving HIPing is deemed inevitable,
there could be an opportunity to increase the EBM processing speed without being constrained by the
need to eliminate or minimize defects.

The present study explores the potential of the combined post-treatments involving HIPing,
solutionizing and aging treatment to test the hypothesis of whether they can render the as-built defect
content in EBM Alloy 718 irrelevant. The defect content in the samples was intentionally tailored
by systematically increasing the hatch line spacing (LS), which refers to the spacing between raster
scanning lines during EBM processing. The extent of defects thus incorporated far exceeded those
typically encountered in EBM builds for the sake of this illustrative proof-of-concept study.

2. Experimental Procedure

Samples were EBM built with different defect contents by varying LS to assess their response to
identical post-treatments, particularly HIPing. Plasma atomized Alloy 718 powder (AP&C, Québec,
Canada) [5] recycled ~20 times was used. Six different samples (15× 15× 15 mm3) (Figure 1), henceforth
referred to as AB#1 to AB#6, were built using EBM (Model A2X, Arcam AB, Gothenburg, Sweden)
with varying LS corresponding to different processing speeds (expressed as relative melting time and
relative melted area per unit time by normalizing with the “standard” values), as summarized in
Table 1. All the samples were melted by a snake hatch method during which the electron beam was
moved in a back-and-forth raster scan pattern [18]. All the other process parameters were kept constant
as per the EBM process theme version 4.2.205, and some of the key process parameters associated with
this theme are listed in Table 2. It is worth mentioning that the parameter speed function dynamically
adjusts the electron beam scan speed depending on the scan length [22].

Selected samples were further subjected to two different HIPing treatments (HIP1, HIP2).
The choice of parameters for HIP1 (1120 ◦C/100 MPa/4 h/rapid cooling) and HIP2 (1185 ◦C/100
MPa/4 h/rapid cooling) was based on recommendations of the ASTM (F3055) standard for post-treatment
of powder bed fusion-produced Alloy 718 [19]. For one of the HIPing conditions selected based on
ensuing results, the samples were also subjected to solution treatment (954 ◦C/1 h/water cooling), and
double aging (740 ◦C/4 h, cool at 55 ◦C/h to 635 ◦C, held at 635 ◦C/1 h/air cooling) called HIP1 + STA.
Details of the above mentioned post-treatments are summarized in Table 3. It is relevant to mention
here that the aging protocol reflected above corresponds to a shortened heat treatment compared to
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the schedule recommended in the above ASTM standard and is based on prior work carried out in this
group [20].

 
(a) (b) 

Figure 1. Schematic of the CAD model of one of multiple identical blocks comprising the electron beam
melting (EBM) build (a), and cross-section view of the block revealing the cubes (marked by hatched
lines) processed with different line spacing (b). The arrow on the right shows the build direction, BD.

Table 1. EBM process parameters.

Sample
Nomenclature

Hatch Line Spacing Relative Melting
Time Per Layer 2

Relative Melted
Area Per Unit Time 2(LS, μm)

#1 75 167% 0.6
#2 1 125 * 100% 1 1

#3 175 71% 1.4
#4 225 56% 1.8
#5 275 45% 2.2
#6 325 38% 2.6

1 Arcam recommended setting. 2 Values normalized with respect to the Arcam recommended setting.

Table 2. Process parameters in the Inco 4.2.205 theme for EBM Alloy 718.

Parameter Value

Layer thickness (μm) 75
Acceleration voltage (kV) 60

Hatch scan rotation (◦) 72
Pre-heat temperature (◦C) 1025

Speed function 63
Focus offset (mA) 15

Max. beam current (mA) 18

Table 3. Details of post-treatments.

Designation Cycle

HIP1 1120 ◦C/100 MPa/4 h/RC
HIP2 1185 ◦C/100 MPa/4 h/RC

HIP1 + STA HIP1: 1120◦C/100 MPa/4 h/RC
+STA: 954 ◦C/1 h/WC to RT, 740◦ C/4 h/cool at 55 ◦C/h to 635 ◦C, hold at 635 ◦C/1 h/AC to RT

Note: The abbreviations RC, WC, AC, and RT denote rapid cooling, water cooling, air cooling, and room
temperature, respectively.

All the investigated samples were sectioned along the build direction using an alumina cutting
blade. The sample cross-sections, each 15 × 15 mm2, were hot mounted, ground, and polished.
Microstructural investigation of the prepared samples was carried out using an Olympus BX60 M
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optical microscope (OM), and HITACHI TM3000 (equipped with energy-dispersive X-ray spectroscopy
(EDS)) and LEO 1550 Gemini scanning electron microscopes (SEMs). Quantification of defects was
done using OM micrographs of unetched polished samples processed using ImageJ software. In
each case, more than 10 images were analyzed to get a representative value of the defect content
(magnification: 50×, analyzed area: ~21 mm2). For characterization of secondary phases using SEM
imaging, the selected samples were electrolytically etched using 50% diluted (in ethanol) Kalling’s 2
reagent (2–3 V applied for 3–5 s). Vickers micro-hardness testing (HMV-2, Shimadzu Corp., Japan) on
selected samples was performed using a 500 g load which was applied for 15 s in ambient conditions.
Up to 25 random indents were made on each of the samples. Since some of the defect sizes in the
intentionally prepared high-defect-content builds were very large (as shown in Figure 2) and exceeded
the indent size, few extreme outliers exhibiting “zero” hardness were noted whenever the indent
happened to coincide with or be in the immediate vicinity of a very large defect. Average hardness
values (excluding only such extreme outliers) are reported herein.

 
Figure 2. Defect content in as-built samples intentionally built with varied hatch line spacing (LS). The
size and amount of defects are visualized in the insets. Arrows in the inset indicate build direction.

3. Results and Discussion

Since the main theme of the paper was to assess whether defects in the as-built condition matter if
the subsequent post-treatment steps involve HIPing in any case, results pertaining to as-built conditions
are presented first, followed by their response to post-treatments.

The as-built microstructures of samples processed with varying LS corresponding to different
melting speeds (Table 1) are depicted in Figure 2. Increase in LS above the “recommended” value
resulted in a rise in the defect content, as shown in Figure 2. The defect contents stated represent
the sum of all types of defects observed in the as-built samples, i.e., gas and shrinkage porosity, and
lack of fusion. Incidentally, these defects were also present in samples produced at the recommended
LS = 125 μm (AB#2) as well as at lower LS = 75 μm (AB#1). Samples intentionally produced with
higher LS exhibited defect contents up to 17%, as shown in Figure 2 and also visualized in accompanying
micrographs. In a word, a systematic increase in line offset (processing speed) from 75 to 325 μm
resulted in an increased defect content ranging from 0.1% to 17% in the investigated samples. It is
worth mentioning that large defects such as those observed in samples AB#5 (LS = 275 μm) and AB#6
(LS = 325 μm) are not typical of an EBM built even with not fully optimized processing conditions [23].
However, these samples were produced for the present ‘proof of concept’ investigation regarding the
extent of defect closure enabled through HIPing.
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Samples with distinct defect contents, i.e., AB#2, AB#4, and AB#6 were subjected to two HIPing
treatments to investigate the efficacy of defect closure. The defect contents in as-built samples
AB#2, AB#4, and AB#6 (corresponding to LS = 125, 225, and 325 μm, respectively) were 0.5%, 2.6%,
and 17%, respectively. After both the HIPing treatments, the defect content in all samples was
significantly reduced, regardless of the original extent, as summarized in Table 4. Moreover, the
difference in the extent of defect closure accomplished at 1120 ◦C (HIP1) and 1185 ◦C (HIP2) was not
significant. The considerable densification of samples achieved by HIPing is also visualized from the
microstructures in Figure 3. Furthermore, the small amount of remnant defects in all HIP’ed samples
discussed were found to be typically associated with the presence of Al-rich oxide, which can inhibit
complete defect closure. This is clearly evident from the representative EDS results given in Figure 4.
It is worth mentioning that Al-rich oxides are thermodynamically very stable and not removed by
HIPing, as previously observed in HIP’ed EBM Alloy 718 [24].

Table 4. Defect content (vol.%) in various samples in as-built and HIP’ed conditions.

Sample
Condition

As-built HIP1 HIP2

#2 (LS = 125 μm) 0.5 ± 0.3 0.1 0.1
#4 (LS = 225 μm) 2.6 ± 4.1 0.2 ± 0.1 0.3 ± 0.2
#6 (LS = 325 μm) 16.9 ± 11.3 0.2 ± 0.1 0.2 ± 0.1

 
Figure 3. SEM micrographs showing defects in samples #2 (LS = 125 μm), #4 (LS = 225 μm), and #6
(LS = 325 μm) in as-built and HIP’ed conditions. The arrow indicates the build direction.
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Figure 4. Representative EDS analysis showing inclusions typically associated with many remnant
defects in sample #4 (LS = 225 μm) after HIP1. The arrow indicates the build direction.

It is pertinent to note that concerns regarding thermally induced porosity (TIP), i.e., regrowth of
apparently “closed” defects during subsequent heat treatment, have been reported [25,26]. Therefore,
the samples HIP1#2, #4, and #6 were also subjected to heat treatment at 1180◦ C/4 h under vacuum, as
previously studied by Benn et al. [26]. The results showed no significant difference in defect content
before and after the heat treatment. Therefore, the TIP phenomenon was not discernible in the present
HIP’ed EBM built Alloy 718 samples, at least to a statistically discernible limit, thereby indicating
the efficacy of defect closure achieved by HIPing. It is worth mentioning that TIP plausibly did not
happen in the present case because of insignificant gas entrapment in the defects owing to the vacuum
conditions employed during EBM processing [27]. This is in contrast to LPBF processing, during which
there have been concerns related to process gas infiltration because the builds are carried out in an
inert atmosphere, typically using argon [28].

Such extensive and efficient reduction in the defect content by orders of magnitude (as evident from
Table 4 and Figure 3) prima facie provides an opportunity to also potentially increase productivity—at
least to some reasonable extent—during EBM processing. It is worth mentioning that the melting step
typically comprises ~35% (the exact value depends on the build design [22]) of the layer heating time
(preheat +melt + post-heat), which corresponds to 15% of the total layer processing time (also including
lowering of build platform + powder raking) spent during the EBM process. Therefore, decreasing the
melting time (by increasing the LS, as done in this study) would also have a corresponding effect on
the overall EBM processing time.

Consistent with the idea of taking a holistic approach to optimize the processing chain for
EBM-built Alloy 718 components, the present study also sought to evaluate the role of shortened
solutionizing and aging treatment (mentioned earlier) following HIPing. For this purpose, the samples
HIP1#2, HIP1#4, and HIP1#6 were first subjected to a standard solution treatment followed by a shorter
aging treatment (Table 3) in comparison to ASTM F3055 [19] specification, as previously suggested
in a recent study carried out in the authors’ group [20]. The shortened aging treatment refers to a
(740 ◦C/4 h cool at 55 ◦C/h to 635 ◦C, hold at 635 ◦C/1 h/AC to RT) cycle compared to the conventional
(740 ◦C/8 h cool at 55 ◦C/h to 635 ◦C, hold at 635 ◦C/8 h/AC to RT) cycle suggested in the ASTM
F3055 [19] specification.

Since the solution treatment was carried out at 954 ◦C, all the HIP1 + STA samples #2, #4,
and #6 (corresponding to LS = 125, 225, and 325 μm, respectively) exhibited a virtually similar
distribution of grain boundary δ phase, as shown in Figure 5a–c. This is in accordance with the
reported time–temperature-transformation diagram of Alloy 718 [29], and has also been previously
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observed in solution-treated EBM Alloy 718 that was not subjected to prior HIPing [10]. The effect of
aging treatment can be readily seen from the similar distribution of γ” phase as shown in Figure 6a–c.
These microstructural similarities in the three samples (HIP1 + STA #2, #4, #6) were also reflected in
the microhardness results, as described below.

   
(a) (b) (c) 

Figure 5. SEM micrographs of HIP1 + STA samples (a) LS = 125 μm, (b) LS = 225 μm, and
(c) LS = 325 μm showing similar distribution of the δ phase. The arrow indicates the build direction.

  

(a) (b) (c) 

Figure 6. SEM micrographs of HIP1+ STA samples (a) LS= 125μm, (b) LS= 225μm, and (c) LS = 325 μm
showing similar distribution of the γ” phase. The arrow indicates the build direction.

The average microhardness values of the as-built and post-treated samples, determined as
previously described in the experimental procedure, are shown in Figure 7. It can be seen that, although
the defect contents in the as-built samples were vastly different, they exhibit similar hardness values
of ~430 kgf/mm2. This can be explained by the similarity in local melting conditions for the three
as-built specimens, as the electron beam parameters were unchanged, and only the line spacing was
varied. This contrasts a previous reported study by Lee et al. [23], where hardness was observed to
vary (405–450 kgf/mm2) with defect content (4.5%–0.5%) of the EBM Alloy 718 samples. In the study
by Lee et al. the local melting conditions were varied between the different specimens by changing
the focus offset, thereby influencing energy density. The HIP1 treatment caused a reduction in the
hardness of all the samples to nearly identical values of ~200 kgf/mm2. This is consistent with the
previous observations on EBM and LPBF Alloy 718 [30,31]. After HIP1 + STA, all the samples exhibited
similar hardness values (~475 kgf/mm2), which were higher than in the as-built condition. This value
is close to the reported peak hardness (~490 kgf/mm2) of Alloy 718 [10]. Previous studies on EBM
Alloy 718 have also reported an increase in hardness in the as-built condition from 410 kgf/mm2 to
470 kgf/mm2 after aging [32–34]. Thus, the foregoing results amply reveal that, regardless of the vastly
different defect content in the as-built condition, the final post-treated condition exhibits a very similar
density (Figure 3), phase constitution in terms of δ phase and γ” phase distribution (Figures 5 and 6),
as well as microhardness values (Figure 7).
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Figure 7. Microhardness values of the as-built and post-treated samples #2 (LS = 125 μm), #4
(LS = 225 μm), #6 (LS = 325 μm).

4. Conclusions

The present study on EBM Alloy 718 intentionally built with varied defect contents (by increasing
hatch line spacing) clearly shows that regardless of the quantum of defects in the as-built condition,
after HIPing, the material exhibits a nearly completely densified structure. The results are suggestive of
the possibility of appropriate thermal post-treatments nullifying the influence of defects incorporated
during EBM processing, thereby reducing elaborate process optimization efforts. A spin-off prospect
of these findings can also be an opportunity to EBM print parts somewhat faster compromising defect
content, if the production protocol is to involve an ensuing HIPing step in particular. In addition,
subsequent solution treatment and ‘shortened’ aging compared to the conventional long aging yields a
phase constitution and hardness that are virtually identical despite a vast difference in as-built defect
contents. The resultant hardness was close to the peak hardness of Alloy 718. The above demonstrates
the ability of thermal post-treatments involving HIPing, solutionizing and short aging treatments to
render the defect content in as-built EBM Alloy 718 irrelevant. Such optimization of the build process
and post-treatment together can have significant implications on industrialization of EBM technique.
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Abstract: Defects in electron beam melting (EBM) manufactured Alloy 718 are inevitable to some
extent, and are of concern as they can degrade mechanical properties of the material. Therefore,
EBM-manufactured Alloy 718 is typically subjected to post-treatment to improve the properties of the
as-built material. Although hot isostatic pressing (HIPing) is usually employed to close the defects, it is
widely known that HIPing cannot close open-to-surface defects. Therefore, in this work, a hypothesis
is formulated that if the surface of the EBM-manufactured specimen is suitably coated to encapsulate
the EBM-manufactured specimen, then HIPing can be effective in healing such surface-connected
defects. The EBM-manufactured Alloy 718 specimens were coated by high-velocity air fuel (HVAF)
spraying using Alloy 718 powder prior to HIPing to evaluate the above approach. X-ray computed
tomography (XCT) analysis of the defects in the same coated sample before and after HIPing showed
that some of the defects connected to the EBM specimen surface were effectively encapsulated by the
coating, as they were closed after HIPing. However, some of these surface-connected defects were
retained. The reason for such remnant defects is attributed to the presence of interconnected pathways
between the ambient and the original as-built surface of the EBM specimen, as the specimens were
not coated on all sides. These pathways were also exaggerated by the high surface roughness of
the EBM material and could have provided an additional path for argon infiltration, apart from the
uncoated sides, thereby hindering complete densification of the specimen during HIPing.

Keywords: electron beam melting; additive manufacturing; Alloy 718; surface defects; encapsulation;
coating; hot isostatic pressing

1. Introduction

Additive manufacturing (AM), also commonly known as three-dimensional (3D) printing, is a
rapidly growing technology for generating complex geometrical products layer by layer from a 3D
computer-aided design (CAD) model data [1,2]. This technology offers significant design freedom
compared to conventional manufacturing methods such as forging, casting, etc. [3]. Electron beam
melting (EBM) is one of the AM techniques; it utilizes an electron beam as the heat source [4].
Manufacturing of difficult-to-machine nickel-based superalloys, such as Alloy 718, by using EBM is
being explored and has attracted significant interest in the aerospace industry due to reduced raw
material wastage, which leads to lower costs and buy-to-fly-ratio, and less contamination due to
vacuum conditions during the process [5].
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However, EBM-manufactured Alloy 718 is typically characterized by the presence of inevitable
defects such as lack of fusion, gas porosity, and shrinkage porosity, which can be detrimental to
the mechanical properties of the material [6]. Therefore, thermal post-treatment involving hot
isostatic pressing (HIPing) is typically employed to reduce such defects in the AM manufactured
material [3,7–9]. In this context, it is pertinent to state that micro-computed tomography is used to
obtain detailed information about the location and size of defects present in the material in 3D [10–12].
It has been reported that HIPing can heal most defects in AM manufactured specimens, except the
surface-connected defects [11,13]. The presence of these defects becomes vital, as they are not affected
by HIPing and are found to be potential crack initiation sites leading to fracture of the material under
fatigue loading [6]. Therefore, an idea of encapsulating the surface-connected “open” defects through
deposition of a thin film/coating on the as-built specimen surface was explored in the literature for
laser-based AM techniques [13]. However, this approach has not yet been widely investigated, and in
particular no such efforts have yet been reported in case of EBM-manufactured material, where retained
surface-connected defects after HIPing can be of concern. Therefore, the challenges presented in the
above led to a hypothesis that is tested in the present work. The hypothesis is that encapsulation
of these surface defects by applying a coating on the EBM-built Alloy 718 could allow HIPing to
effectively heal all defects present, including those that are surface-connected.

In the present study, the coating technique utilized to explore the encapsulation hypothesis is
high-velocity air fuel (HVAF), which is one of the thermal spray coating techniques [14,15]. Some of the
EBM-manufactured Alloy 718 specimens were coated. Afterward, the coated and uncoated specimens
were subjected to HIPing to enable a comparison of extent of defect closure in the two conditions.
A detailed investigation of the defects in the specimens is carried out by using light optical microscopy
(LOM), scanning electron microscopy (SEM), and X-ray computed tomography (XCT). In addition,
surface roughness of the as-built specimen is measured using white light interferometry.

2. Materials and Methods

2.1. EBM Processing

The feedstock material used for EBM production was plasma-atomized Alloy 718 powder supplied
by Advanced Powders and Coating (Québec, Canada). The nominal powder particle size range was
45–105 μm, and its chemical composition, as provided by the supplier, is given in Table 1. The powder
was recycled several times before usage.

Table 1. Nominal chemical composition of Alloy 718 powder used during electron beam melting (EBM).

Element Ni C Cr Mo Ti Al Fe Nb Ta

Wt % 54.10 0.03 19.00 2.90 1.00 0.50 Bal. 4.90 <0.01

An Arcam A2X EBM machine was used to produce several rectangular specimens of dimensions
53 × 45 × 5 mm, as shown in Figure 1a. Typical process parameter settings recommended by Arcam AB
(Mölndal, Sweden) were used (EBM control software version 4.2.76). The build process started after
preheating the stainless-steel build plate to ~1025 ◦C. A layer thickness of 75 μm and an acceleration
voltage of 60 kV were used. The periphery of the specimens, also termed as contour, was melted using
multispot melting. The interior of the specimens, known as hatch, was processed using back and forth
raster scanning. During hatch melting, the scan direction was rotated by 72◦ for every added layer.

2.2. Encapsulation Concept

The feedstock material used for coating was Alloy 718 powder manufactured by Praxair Surface
Technologies (Indianapolis, USA). The powder particle size range was 15–45 μm, and its chemical
composition, as provided by the supplier, is listed in Table 2. Half of the as-built EBM Alloy 718
specimens were coated on the back and front sides (53 × 45 mm faces), leaving the remaining sides
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uncoated, as shown in Figure 1b. The coating was deposited using an HVAF M3 system (Uniquecoat,
Richmond, USA) with a target coating thickness of about 500 μm. Although substrates to be HVAF
sprayed are typically grit blasted to a roughness of about 5–10 μm arithmetic mean roughness (Ra),
it is important to point out that there was no surface preparation done prior to coating deposition on
the EBM specimens, which already had an average surface roughness of about 80 μm arithmetic mean
height (Sa) in as-built condition.

 

Figure 1. (a) Image of the computer-aided design (CAD) model of the entire electron beam melting
(EBM) build, and (b) illustration of the coated specimen. The arrow indicates the build direction (BD).

Table 2. Nominal chemical composition of Alloy 718 powder used for coating.

Element Ni C Cr Mo Ti Al Fe Nb + Ta

Wt % 50.00–55.00 0.02–0.08 17.00–21.00 2.80–3.30 0.70–1.10 0.03–0.70 15.00–21.00 4.70–5.50

2.3. Hot Isostatic Pressing

Some of the specimens in as-built and coated conditions were HIPed in a QIH21 model
molybdenum HIP furnace at Quintus Technologies (Västerås, Sweden). HIPing was carried out
at a temperature of 1,120 ◦C, and pressure of 100 MPa was applied for 4 h. Argon was used as an inert
process gas. After the dwell time, the specimens were rapidly cooled.

2.4. Metallographic Preparation and Characterization

For microstructural investigation, samples were sectioned along and perpendicular to the
build direction with an alumina abrasive cutting disc mounted on a Struers Secotom 10 machine.
The sectioned samples were hot mounted using a Buehler SimpliMet 3000 press. The mounted samples
were grinded using silicon carbide paper ranging from P360 to P1200 grits, followed by polishing
with 9 μm and 3 μm diamond suspensions, and thereafter with 0.05 μm colloidal silica suspension.
Grinding and polishing were done using a semi-automatic Buehler Ecomet 300 Pro machine.

The defects, particularly their type, amount, and distribution, were analyzed at suitable
magnifications using Zeiss Axio light optical microscope. The defect content in the hatch and
contour regions were distinctly evaluated using the LOM micrographs, which were processed by
using image analysis software ImageJ. In each case, no less than 15 LOM images captured along the
cross-section (see Figure 2) were analyzed to obtain representative defect content. Hitachi TM3000
scanning electron microscope was employed to perform a high magnification analysis of the coating.
The porosity of the coating, before and after HIPing, was evaluated by image analysis software ImageJ,
using no less than 15 SEM micrographs captured along the cross-section to get a representative value
of the porosity content.
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Figure 2. Light optical microscopy (LOM) micrographs of the specimen cross-sections in the (a)
uncoated and (b) coated conditions. The dotted red and blue lines indicate the regions of contour and
hatch, respectively, distinctly analyzed for defect quantification. The arrow indicates the build direction.

For a further precise analysis of the defects, XCT was employed. For this, a sample of dimensions
10 × 10 × 6 mm was sectioned out. The defects present in the specimen, including their size, shape,
and location, were characterized using a Zeiss Xradia Versa 520 XCT system. XCT scans were performed
over the entire volume of the same coated specimen (10 × 10 × 6 mm) before and after HIPing.

The surface roughness of the as-built specimen was characterized through white light
interferometry using a profilm3D (Filmetrics, San Diego, CA, USA). The surface roughness parameter,
Sa, was evaluated from the 3D topography maps of the specimen. For each measurement point,
an area of 1 mm by 1 mm was analyzed. In total, six such measurements were performed over the
as-built specimen.

3. Results and Discussion

3.1. Uncoated Condition

The as-built EBM Alloy 718 specimens were characterized by the presence of defects. Three types
of defects were observed, i.e., lack of fusion, shrinkage porosity, and gas porosity, and they are
visualized in Figure 3. Such defects have also been previously observed by Goel et al. [3], and the
influence of the defects on mechanical properties has been elaborated elsewhere [16,17]. Round-shaped
gas porosities (refer Figure 3a) were randomly distributed, and they are attributable to entrapped
gas inside the virgin powder, which could have found its way into the EBM build [1]. The shrinkage
porosities, shown in Figure 3b, were typically aligned along the build direction, and are reportedly
known to form as a result of interdendritic shrinkage after solidification [18]. The lack of fusion defects
were primarily concentrated in the contour regions and often contained partially molten powder
particles. The main reason for the formation of lack of fusion defects is expected to be inappropriate
energy input. Low energy input can result in incomplete bonding between the layers [19], and, as a
result, partially molten particles can be observed in these defects (see Figure 3c). On the other hand,
high energy input can cause the melt to spatter away [19].
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Figure 3. LOM micrographs showing the different kinds of defects present in the as-built EBM Alloy
718: (a) gas porosity, (b) shrinkage porosity, and (c) lack of fusion. The arrow on the left indicates the
build direction.

The as-built specimen was also subjected to HIPing, which caused a significant reduction in defect
content. A closer investigation of the entire HIPed specimen revealed that nearly all the shrinkage
porosities were healed. However, some of the gas porosities and lack of fusion defects were present
after HIPing, as shown in Figure 4. A possible explanation for remnant gas porosities after HIPing could
be entrapped argon gas, which exerts opposite pressure and can hinder complete closure [6]. However,
the defects of typically more serious concern are lack of fusions [6]. A vast majority of remnant lack
of fusion defects were found to be surface-connected (open), as exemplified in Figure 4b; therefore,
these were not healed after HIPing. This is consistent with several other studies by Tammas-Williams
et al. [11] and Tillmann et al. [13], in which XCT was utilized to investigate the effects of HIPing on the
defects in EBM-built materials, and it was observed that the remnant lack of fusion defects open to the
surface were not closed after HIPing. The reason for this is pressure equalization inside and outside
the defect, which can prevent it from closing [13]. In the case of EBM-built Alloy 718, Kotzem et al. [20]
have also observed the presence of surface-connected defects. Therefore, to close such defects in EBM
Alloy 718, the specimens were coated and HIPed.

3.2. Coated Condition

The as-built EBM Alloy 718 specimens (~53 mm × 45 mm × 5 mm) were coated in an effort to
enclose the surface-connected defects, as shown in Figure 5a. Some of the coated specimens were then
subjected to HIPing to heal the defects present in EBM Alloy 718. The volume fraction of defects in
hatch and contour regions in the coated condition before and after HIPing, as evaluated by image
analysis, is given in Figure 6. It can be seen that the defect content was significantly reduced in both the
hatch and contour regions after HIPing. However, full densification after HIPing could not be achieved
as hypothesized at the beginning of this study. Some of the lack of fusion defects, specifically those in
the contour and close to the surface, and gas porosities were found to persist even after HIPing the
coated specimen. A post mortem study revealed that the coating seemed unable to completely seal the
EBM specimen surface, as several defects at the EBM material-coating interface were observed (see
Figure 5b).
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Figure 4. LOM micrographs revealing the remnant defects in the hot isostatic pressed (HIPed) EBM
Alloy 718: (a) gas porosity and (b) lack of fusion. The arrow on the left indicates the build direction.

 

Figure 5. LOM micrographs showing (a) an enclosed defect in the EBM material and (b) a defect
at the EBM material-coating interface in the as-built condition. The arrow on the left indicates the
build direction.

In order to get a more detailed understanding of the above observation, especially to identify
surface-connected defects, further XCT analysis was carried out. A coated sample was analyzed before
and after HIPing to precisely track the defects in the two conditions through XCT. The larger lack
of fusion defects, which had a connection to the EBM specimen-coating interface, were separately
analyzed, as shown in Figure 7. The defect close to the EBM specimen surface marked with the blue
dotted circle in Figure 7a appeared to be fully closed after HIPing, or at least reduced to a size below
the resolution limit of XCT. This is attributable to the successfully complete encapsulation of this
otherwise surface-connected defect, which could be healed during HIPing. However, some other
defects appeared to be not fully closed. This could be possibly attributed to incomplete encapsulation
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of the defect, as discussed later. The defects were further individually analyzed using 2D slices from
the XCT data.

 

Figure 6. Defect content in the coated condition measured in the hatch and contour regions along the
build direction.

 

Figure 7. Three-dimensional (3D) views of large defects in the same coated sample (a) before and (b)
after hot isostatic pressing (HIPing), obtained from x-ray computed tomography (XCT) analysis.
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Figure 8 shows a comparison of defects present at identical cross-sections of the same coated
EBM specimen before and after HIPing as obtained from the XCT analysis. It is important to mention
that specimens were only coated on the front and back sides as shown in Figure 1b. Some defects,
for instance, the one marked with red dotted lines in Figure 8, can be clearly seen to be open to
the uncoated side. It was observed that most of the lack of fusion defects that appeared to have a
connection to the EBM specimen-coating interface did not close after HIPing (highlighted with yellow
dotted lines in the figure). Nevertheless, some of the lack of fusion defects that were close to the
interface seemed to be healed (marked with green dotted lines). Moreover, most of the gaps at the
interface of EBM-built material and coating remained unhealed (marked with blue dotted lines in
Figure 8). This can be explained.

 

Figure 8. Two-dimensional (2D) sliced images from XCT analysis showing the “tracked” defects at the
same cross-sections in the entire coated sample before and after HIPing.

The interface between EBM specimen and coating exhibited gaps, as shown in Figure 5b,
which could be attributed to the high surface roughness of the as-built EBM Alloy 718. It is pertinent
to note that the coating was applied on the as-built surface without any prior surface preparation.
The surface roughness value of the as-built EBM specimen was nearly 80 μm Sa, as measured by white
light interferometry, and such high roughness could have hindered complete sealing of the specimen
surface. In this context, it is worth mentioning that, although it is necessary to have an appropriately
rough substrate to be used for any thermal spray coating process, to achieve better coating-substrate
adhesion, an excessively high surface roughness can introduce defects at the substrate-coating interface
by not permitting the molten splats to completely fill the “valleys” in the existing surface asperities
(see Figure 5b). In the present study, the coating was deposited on a rather rough surface (Sa ~ 80 μm)
compared to what is typically reported in the literature, i.e., about 10 μm [21–24]. In addition to these
interface defects, several through-thickness vertical cracks were observed in both the coated samples,
i.e., HIPed and not HIPed condition, as shown in Figure 9, which could also be possibly attributed
to the high surface roughness. The total porosity content of the coatings before and after HIPing,
as evaluated by image analysis, is shown in Figure 10. It can be seen from the figure that HIPing
resulted in porosity reduction by an order of magnitude. However, some amount of porosity was
present after HIPing. The vertical cracks, gaps at the EBM specimen-coating interface, and the porosity
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in the coating could have provided the path for argon gas infiltration inside the EBM specimen during
HIPing. This could possibly explain why some of the defects, mainly lack of fusions connected to the
EBM specimen-coating interface, and the gaps at the interface were still present in the coated and
HIPed EBM specimen.

 

Figure 9. LOM micrographs showing (a) a crack in the as-built sample and (b) a remnant crack present
in the HIPed sample.

 

Figure 10. (a) Porosity content in the coatings before and after HIPing, as determined by image analysis,
SEM micrographs of the coating (b) before HIPing, and (c) after HIPing.
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4. Summary and Conclusions

In this study, the efficacy of encapsulating the as-built EBM Alloy 718 specimens was investigated
to eventually close surface-connected defects after HIPing. The major findings of the study based on
the obtained results are as follows:

• The hypothesis that encapsulation of EBM specimens through coatings can eliminate
surface-connected defects during subsequent HIPing presents a novel idea. However, it could
only be partly tested in this paper due to (a) very large surface roughness of the as-built EBM 718
specimen used for this study and (b) only two sides of the as-built specimen being coated.

• Few of the surface-connected defects were closed after subjecting the coated EBM-built specimen
to HIPing. However, some of the lack of fusion defects and gaps at the EBM specimen-coating
interface remained after HIPing.

• The presence of defects in the coated and HIPed specimen was rationalized as follows: the high
surface roughness of the as-built specimens caused only partial “sealing” of defects, as gaps were
observed between the EBM specimen and the coating. In addition, the through-thickness cracks
resulting during coating on very rough substrate surfaces could have also connected the defects
to the surface, despite the application of coating.

• The specimens were coated on only the two larger faces, leaving the remaining sides uncoated.
This could have provided an additional path for HIP process gas infiltration from the
uncoated sides.

It is inferred that the surface roughness of the EBM specimen, prior to coating deposition, should be
reduced to enable complete sealing of the surface-connected defects. Thus, before coating, prior surface
preparation by mechanical post-treatment techniques, such as shot peening, machining, and grit
blasting, can be used in cases where the as-built surface roughness is very large. Encapsulation of
EBM-built materials should be done on all the sides of the specimens, as it can enable more effective
defect closure during HIPing.
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Abstract: Fe-based amorphous alloys with excellent mechanical properties are suitable for preparing
wear resistant coatings by laser cladding. In this study, a novel Fe-based amorphous coating was
prepared by laser cladding on 3Cr13 stainless steel substrates. The influence of scanning speeds on
the microstructures and properties of the coatings was investigated. The microstructure compositions
and phases were analyzed by scanning electron microscope, electron probe microanalyzer, and x-ray
diffraction respectively. Results showed that the microstructures of the coatings changed significantly
with the increase of scanning speeds. For a scanning speed of 6 mm/s, the cladding layer was a
mixture of amorphous and crystalline regions. For a scanning speed of 8 mm/s, the cladding layer
was mainly composed of block grain structures. For a scanning speed of 10 mm/s, the cladding
layer was composed entirely of dendrites. Different dilution rates at the bonding zones were the
main reasons for the microstructure change for different claddings. For all three scanning speeds,
the coatings had higher hardness and wear resistance when compared with the substrate; as the
scanning speed increased, the hardness and wear resistance of the coatings gradually decreased due
to the change in microstructure.

Keywords: Fe-based amorphous coating; laser cladding; microstructure; property

1. Introduction

Amorphous alloys have unique properties such as high hardness, high strength, high wear
resistance, and high corrosion resistance because of their short-range order and long-range disordered
structure [1–3]. Their unique properties make amorphous alloys suitable for surface coatings.
Different processes have been used to prepare surface coatings such as laser cladding, plasma spray,
spark cladding, and high velocity oxygen fuel (HVOF) [4–8]. Among them, laser cladding can meet
the requirements of preparing amorphous alloys thanks to its rapid cooling characteristics. In addition,
the laser cladded coatings may have good metallurgical bonding with substrates [9,10]. Therefore,
laser cladding has attracted more and more attention in the fabrication of amorphous surface coatings.
Since Yoshioka et al. [11] successfully deposited a Ni-Cr-P-B amorphous coating by laser cladding on
low carbon steel in 1975, different types of amorphous alloy coatings have been prepared by laser
cladding such as Zr-based, Ni-based, Cu-based, Al-based, Co-based, etc. [12–16]. Compared with
the above amorphous alloy systems, Fe-based amorphous coatings have comparable mechanical
properties but a much lower cost [17], and therefore have great potential in engineering applications.
So far, efforts have been made to prepare different kinds of Fe-based amorphous coatings using laser
cladding. Sahasrabudhe et al. [10] deposited Fe-Cr-Mo-W-C-Mn amorphous coatings on a Zr substrate
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by laser cladding where the coating had an amorphous and crystalline composite structure and the
crystal phase was distributed in the amorphous region. The coatings had much higher hardness and
wear resistance than the substrate. Zhu et al. [18] laser cladded Fe-Co-B-Si-Nb coatings on low carbon
steel at different scanning speeds of 6, 17, and 50 m/s and found that the main factors that affected
the microstructure and the fraction of the amorphous phase were dilution ratio and scanning speed.
Wu et al. [19] prepared Fe-Co-Ni-Zr-Si-B amorphous coatings on AISI 1045 steel by laser cladding
where the thickness of the coating was 1.2 mm and had a high hardness of 1270 HV as well as good
corrosion resistance.

In the present paper, an Fe-based amorphous alloy with the chemical composition of
Fe46.8Mo22.7Cr13.6Co7.6C4.8B2.3Y1.2Si1.0 (wt.%), which had high glass forming ability, was used to
prepare coatings by laser cladding. To our knowledge, the powders have not previously been used in
laser cladding. The main objective of this study was to investigate the effects of scanning speeds on
microstructure and properties of the coatings.

2. Materials and Methods

2.1. Materials

3Cr13 stainless steel with dimensions of 80 mm× 50 mm× 6 mm was used as the substrate material.
The chemical composition of 3Cr13 stainless steel is shown in Table 1. The chemical composition of the
Fe-based amorphous alloy powders was Fe46.8Mo22.7Cr13.6Co7.6C4.8B2.3Y1.2Si1.0 (wt.%). Pure elemental
powders of Fe, Mo, Cr, Co, C, Y, Si, and B with 99.8 to 99.9 wt.% in purity were used to prepare powders
by vacuum gas atomization. The particle size of the powders was 40–75 μm.

Table 1. Chemical composition of the 3Cr13 stainless steel (wt.%).

Element C Mn Ni Si P S Cr Fe

wt.% 0.26–0.35 ≤1.00 ≤0.60 ≤1.00 ≤0.035 ≤0.03 12.00–14.00 Balance

2.2. Laser Cladding

A fiber laser (YLS-2000 IPG) equipped with a lateral powder feeder system was used in laser
cladding. The laser beam with a Gaussian energy distribution was 3 mm in diameter. Ar gas was
employed to transport powders and protect the bath from oxidation. The gas flow rate was 10 L/min.
The laser cladding was carried out at the scanning speeds of 6, 8 and 10 mm/s. The detailed laser
parameters used in this study are listed in Table 2.

Table 2. Laser processing parameters.

Laser Power (W)
Scanning Speed

(mm/s)
Powder Feeding

Rate (g/min)
Heat Input (J/mm)

Overlapping Rate
(%)

1000 6 20 166.7 30
1000 8 20 125.0 30
1000 10 20 100.0 30

2.3. Microanalysis

The laser cladding samples were cut along cross sections with a wire electric discharge machining
(EDM) machine, then were polished and etched by aqua regia for microscopy observations and
hardness tests. A scanning electron microscope (SEM, QUANTA 200 FEI, Hillsboro, OR, USA) with
energy dispersive spectroscopy (EDS) and an electron probe microanalyzer (EPMA SHIMADZU, Kyoto,
Japan) was used to analyze the microstructure and element distributions. The phase composition of
the laser-processed samples were characterized by an x-ray diffractometer (D8 Bruker, Billerica, MA,
USA) with Cu–Ka (λ = 0.154060 nm) radiation. The X-ray diffraction (XRD) system was operated at
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40 kV and 200 mA in a 2θ range of 20–80◦. The step size was 0.02◦ and the scanning speed was 4◦ per
minute. Before the XRD test, the laser cladding samples with dimensions of 8 mm × 8 mm × 6 mm
were ground to a position of 0.3 mm in a thickness direction from the top surface.

2.4. Microhardness and Tribological Tests

The microhardness of the samples was measured using a Vickers hardness tester (HM-800
Mitutoyo, Takatsu-ku, Kawasaki, Japan) under a load of 200 g and a dwell time of 15 s. The samples
with dimensions of 15 mm × 15 mm × 6 mm were cut from the laser cladding samples, and then
were ground to keep the surface roughness less than Ra3.2. A ball-on-disc tribometer (UMT-3 Bruker,
Billerica, MA, USA) was used to measure the tribological properties of the substrate and the coatings.
A silicon nitride ball with a diameter of 4 mm and hardness of 1550 HV0.1 was used as the upper
specimen. The wear experiment was performed at a load of 3 N and a sliding speed of 100 r/min, in
a circle with the diameter of 10 mm for 30 min. A precision analytical balance with an accuracy of
0.001 mg was used to measure the wear mass losses and then calculate the volume losses. The worn
morphologies and compositions were measured by scanning electron microscopy (SEM, QUANTA 200
FEI) with energy dispersive spectroscopy (EDS FEI).

3. Results and Discussion

3.1. Phases

The x-ray diffraction patterns of the coatings produced at different laser scanning speeds are
shown in Figure 1. The diffraction patterns varied significantly with the laser scanning speed. When the
scanning speed was 6 mm/s, a broad halo peak characterizing an amorphous phase could be observed
at the diffraction angle around 44◦, on which sharp diffraction peaks corresponding to the carbides
M23(B, C)6 and M7C3 superposed. Here, M is Fe and Cr. When the scanning speed was increased to
8 mm/s and 10 mm/s, the broad halo peak was no longer apparent and the diffraction patterns were
composed of sharp peaks of crystalline phases. As the scanning speed increased, the intensity of the
crystallization peak increased significantly, indicating an increase in crystallinity and a suppression of
amorphous formation. There was a definite change in the phase constituents when the scanning speed
was increased from 6 mm/s to 8 mm/s. Besides the carbides M23(B, C)6, M7C3, and Mo2C, diffraction
peaks from the solid solution γ-(Fe,Cr) and intermetallic compound Co7Mo6 were also identified.
The phases at the scanning speed of 10 mm/s were mainly carbides M23(B, C)6, M7C3, solid solution
γ-(Fe,Cr), and intermetallic compound Co7Mo6, which were the same as those for 8 mm/s.
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Figure 1. XRD patterns of the cladding layers at different scan speeds.

3.2. Geometrical Morphologies and Microstructures

The cross sections of coatings obtained at different laser scanning speeds are shown in Figure 2.
The cladding layers were dense and clear interface lines could be seen between the cladding layers and
the substrates for all three different scanning speeds, which indicated good metallurgical bonding was
achieved in laser cladding. Cracks may have existed in some cladding layers (Figure 1). The curvature of
the interface decreased as the heat input increased, indicating the change in dilution rates. The geometric
parameters on cross-sections of coatings at different scanning speeds are shown in Table 3. The dilution
rates were calculated using Equation (1) [20].

Dilution rate μ =
S2

S1 + S2
× 100%, (1)

where S1 is the area of cladding layer and S2 represents the area of molten substrate on the cross-section
of a specimen. The average geometric parameters and the dilution rates are presented in Table 3.
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Figure 2. Cross sections of the laser cladding coatings for different scanning speeds: (a) 6 mm/s; (b)
8 mm/s; (c) 10 mm/s.

Table 3. Average geometric parameters and dilution rates for the different scanning speeds.

Scanning Speed
(mm/s)

Width of the Cladding
Layer (μm)

Height of the Cladding
Layer (μm)

Depth of the Molten
Substrate (μm)

Dilution Rate

6 2139.2 906.9 68.3 7.0%
8 2070.7 749.6 120.6 13.9%
10 1965.8 409.2 230.6 36.0%

The width and height of the cladding layers decreases with an increase in scanning speeds under
comparable laser cladding conditions because the amount of powder fed into the molten pool per unit
length is reduced as the scanning speed increases. On the other hand, increasing scanning speed leads
to an increase in the depth of the melted substrate, and in turn, the dilution rate. This can be attributed
to the weaker “heat shielding effect” [21] of the powders and more heat absorbed by the substrates at
higher scanning speeds.

The typical microstructures of coatings made at different scanning speeds are presented in
Figures 3–5. Figure 3 shows the SEM photographs of the laser cladding for a scanning speed of 6 mm/s.
Figure 3a is an overall view of the cross section, where the cladding layer shows a layered structure.
The substrate under the interface exhibited a martensite structure, and a columnar crystal zone with
a thickness of about 40–60 μm formed above the interface as shown in Figure 3b. Strip-shaped
precipitates could be observed between columnar grains. Figure 3c is a magnification of area C, and it
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can be seen that above the columnar crystal region was a fine equiaxed crystal region surrounded by a
featureless phase structure. In the upper part of the cladding layer, all of the microstructures were the
featureless structure shown in Figure 3d.

 

Figure 3. Cross sectional morphologies of a single-bead cladded specimen produced at the scanning
speed of 6 mm/s: (a) Overall view; (b) an enlarged view of region B in (a); (c) an enlarged view of
region C in (a); (d) an enlarged view of region D in (a).

EPMA analysis revealed that the featureless phase structure (Point 3 in Figure 3d) had an
average composition of Fe47.3Mo22.5Cr13.9Co7.2C5.1B2.2Y1.0Si0.8 (wt.%), which was very close to the
nominal composition of the powder. Combined with the XRD results, it can be inferred that this
featureless structure zone was mainly composed of the amorphous phase. The EPMA at point 1
showed that the primary arm of the columnar dendrites at the bottom of the cladding layer had
a composition of Fe81.5Mo1.2Cr11.6Co1.3C2.6B0.3Y1.3Si0.5, where a large amount of Fe element was
detected. The composition of the strip-shaped precipitates between columnar grains at Point 2 was
Fe63.9Mo11.9Cr18.5Co2.4C5.7B2.0Y0.2Si0.3 (wt.%), which had a relatively high carbon content and could
mainly be Fe, Cr carbides. There was a higher Fe content and lower Mo, Cr contents in the columnar
crystal region near the substrate than those in the upper amorphous region, which demonstrates the
elements’ migration caused by the dilution effect.

The microstructures of the specimen with a scanning speed of 8 mm/s is shown in Figure 4.
Figure 4a is an overall view of the cross section. Figure 4b is an enlarged backscattered photograph
around the bonding region of the cladding layer and the substrate. There was a martensite structure
under the interface between the cladding layer and the substrate, above which was a layer of planar
crystal. Above the plane crystal was a layer of dendrites with a thickness of about 20–30 μm. Above
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the dendritic structure, the coating was composed of a block grain structure as shown in Figure 4c.
Figure 4d is a further enlargement of the block grain structure in Figure 4c.

 

Figure 4. Cross sectional morphologies of a single-bead cladded specimen produced at the scanning
speed of 8 mm/s: (a) Overall view; (b) an enlarged view of region B in (a); (c) an enlarged view of
region C in (a); (d) an enlarged view of (c).

EPMA results showed that the chemical compositions of point 1 inside the block grain
in Figure 4d was Fe47.4Mo22.6Cr15.5Co7.6C5.6B2.4Y0.1Si0.6 (wt.%), which was close to the nominal
composition of Fe-based amorphous alloy powder. The composition of the block grain boundary
at point 3 was Fe44.9Mo22.9Cr14.6Co8.4C7.5B0.5Y0.5Si0.7 (wt.%), which had a higher C content than
the inside. In Figure 4d, a star-like white phase could be observed with a composition of
Fe33.0Mo38.5Cr11.3Co6.8C8.2B1.8Y0.1Si0.3 (wt.%) (Point 2), having high Mo and C content. Combined
with the XRD phase analysis results, it can be inferred that it could be mainly composed of Mo2C and
M23(B, C)6.

Figure 5 shows the SEM photographs of the specimen obtained at the scanning speed of 10 mm/s.
It can be noted that dendritic structures existed throughout the cladding layer. In the vicinity of the
interface between cladding and substrate, the columnar crystals grew upwards, and were perpendicular
to the interface because the temperature gradient is large near the bonding zone, and columnar crystals
grow along the temperature gradient direction [22]. It can also be seen that a large number of
network-like precipitates existed between the dendrites. Figure 6 shows the elemental distributions
obtained by EDS map scanning. It can be observed that the precipitates between the dendrites were
rich in Mo, Cr, and C. In contrast, the dendrites were rich in Fe and C, with a trace of Cr, and a
lack of Mo. There was no significant difference in the content of Co between the dendrites and the
inner precipitates.
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Figure 5. Cross sectional morphologies of a single-bead cladded specimen produced at the scanning
speed of 10 mm/s: (a) Overall view; (b) an enlarged view of region B in (a); (c) an enlarged view of
region C in (a); (d) an enlarged view of (c).
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Figure 6. Element distributions of the cladding layer obtained at the scanning speed of 10 mm/s.

EPMA point scanning results showed that the chemical compositions of the dendrites at point
1 in Figure 6 was Fe76.7Mo6.9Cr14.7Co2.8C3.5B0.5Y0.2Si0.8 (wt.%), which was dominated by Fe and Cr,
with traces of Mo, C, and a little B. The chemical composition of the precipitates at point 2 in Figure 6
was Fe52.4Mo19.3Cr15.0Co3.5C6.5B1.9Y0.8Si0.6 (wt.%). Combined with the XRD phase analysis results, it
can be inferred that the dendrites were mainly γ-(Fe, Cr) solid solution and the network-like precipitates
were composed of carbides M23(B, C)6 and M7C3. Zeisig et al. obtained a similar carbide network
precipitation when laser cladding the Fe-Cr-Mo-V-C alloy [23].

In summary, as the scanning speeds increased, the microstructures of the laser cladding layers
exhibited three distinct microstructure characteristics. For the scanning speed of 6 mm/s, the cladding
layer was a mixture of amorphous and crystalline regions. When the scanning speed was increased to
8 mm/s, the cladding layer was mainly composed of a block grain structure. As the scanning speed
was further increased to 10 mm/s, the cladding layer was composed entirely of dendrites. Combined
with the XRD test results, it can be found that the glass forming ability decreases as the scanning speed
increases. A large number of studies have shown that there are two main factors affecting the ability to
form amorphous phases, i.e., the composition and the cooling rate [24–26]. The absence of amorphous
structures can be attributed either to a cooling rate experienced by the coated layer, which is lower than
the critical value required to form a glassy microstructure, or to a substantial solute redistribution or
compositional changes within the molten pool or across the coating-substrate interface by dissolution
or inter-diffusion.

The cooling rate ∂T/∂t during the laser cladding process can be approximately estimated using
the Rosenthal solution proposed by Steen and Mazumder [27]:

∂T
∂t

= 2πk
[ v
P

]
(T − T0)

2, (2)

where k is thermal conductivity; v is scanning speed; P is power density; and T0 is the initial temperature
of the substrate. From the formula, it can be inferred that the cooling rate increases as the scanning
speed increases. For a more quantitative study, the cooling rates were numerically computed in the
present study using the finite element software JWRIAN developed by JWRI [28,29]. Figure 7 presents
the thermal histories of points at the deposit/substrate interface and at the top surface of deposits for
three scanning speeds. At the deposit/substrate interface, the cooling rates from 1000 ◦C to 500 ◦C for
the three scanning speeds (6 m/s, 8 m/s, and 10 m/s) were 819.7, 1087.0, and 1388.9 ◦C/s, respectively.
At the top surface of the deposits, the cooling rates from 1000 ◦C to 500 ◦C for the three scanning speeds
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were 847.5, 1111.1, and 1388.9 ◦C/s, respectively. Obviously, at both locations, the predicted cooling
rates increased for the increased scanning speeds, which was the same as the analytical solution. Hence,
increasing scanning speeds is theoretically favorable to the formation of an amorphous structure. Jin
et al. [30] experimentally demonstrated that a higher scanning speed favored the formation of an
amorphous phase in their work. However, the results in this study showed the opposite to the above
deduction, where an amorphous microstructure tended to form at relatively lower scanning speed
(6 mm/s) while dendrites formed at a higher speed (10 mm/s). Therefore, the main factor affecting
the microstructures and amorphous forming ability of the deposits is more likely to be the change
in the composition, but not scanning speed. As the laser scanning speed increased from 6 mm/s to
10 mm/s, the dilution ratios of the cladding layers increased significantly (by more than four times)
as presented in Table 2. Consequently, more elements migrated from the substrates to the cladding
layers, causing the compositions of the cladding layers to deviate from the nominal compositions of
the Fe-based amorphous alloy powder, resulting in a decrease in the ability to form an amorphous
phase. Li et al. [20] also showed that a coating with a lower dilution rate exhibited a larger volume
fraction of the amorphous phase.

Figure 7. Thermal histories of points at: (a) deposit/substrate interface; (b) top surface of the deposits
for the three scanning speeds obtained by finite element analysis.

3.3. Microhardness

The hardness distributions in the thickness direction for the cladding layers with different scanning
speeds are shown in Figure 8. It can be found that the hardness decreased from the cladding layer to
the heat affected zone and then to the substrate for all three scanning speeds. The cladding layer had
an extremely high hardness of about 1300 HV0.2 for the scanning speeds 6 mm/s and 8 mm/s, and a
lower high hardness of 700 HV0.2 for 10 mm/s. When the scanning speed was 6 mm/s, there was a
sudden decrease in hardness to about 700 HV0.2 at 200 μm from the substrate, which was because the
test point was located just in the crystallization zone in the cladding layer. Overall, the hardness of
the cladding layers was significantly improved when compared to the substrate, and the hardness
distribution in the cladding layer was quite stable. Both the amorphous phase and the block grain
structure had extremely high hardness. The high hardness of the block grain structure formed at
8 mm/s may mainly be attributed to the formation of Mo2C and other carbides [31].
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Figure 8. Variation of microhardness in the thickness direction of laser claddings produced with
different scanning speeds.

3.4. Wear Resistance

Figure 9 shows the wear volume losses of the substrate and the coatings obtained at different
scanning speeds. It is clear that the wear volume losses of the cladding layers increased gradually
with an increase of the scanning speeds. The wear volume losses of coatings at the three scanning
speeds were much smaller than that of the substrate, indicating that the cladding layers significantly
improved the wear resistance of the substrate. With the scanning speed of 6 mm/s, the cladding layer
had the smallest wear volume loss of 0.71 mm3, while that for the substrate was 5.60 mm3. The wear
resistance of the substrate was increased by 7.9 times.

Figure 9. Volume losses in the wear tests for the substrate and the cladding layers produced with
different scanning speeds.

Figure 10 shows the morphologies of the worn surfaces of the substrate and the coatings obtained
at different scanning speeds. Deep furrows with a peeling of large oxide patches could be observed in
the worn surface of the substrate. The worn substrate surface (given in Figure 11a) had a composition
of mainly Fe, O, Cr, Si elements using the EDS spectrum results in Figure 11. Significantly, a higher
silicon content indicates that silicon was transferred from the upper sample to the substrate, indicating
that adhesive wear had occurred. It can be inferred that the main wear mechanism of the substrate was
adhesive wear and oxidative wear. At the scanning speed of 6 mm/s, there was only a small number of
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light grooves and a small amount of oxide particles on the surface of the cladding layer (Figure 10b).
Its main wear mechanism was abrasive wear. The formation of the high hardness amorphous phase
gave it the highest wear resistance. At the scanning speed of 8 mm/s, the surface of the cladding layer
was uniform, and deeper grooves than those at 6 mm/s could be observed (Figure 10c). The wear
resistant was high because of the presence of the high hardness Mo2C, M7C3 carbides in the cladding
layer. This is mainly due to abrasive wear, and the carbide particles falling off from the cladding layer
may be the source of the abrasive. When the scanning speed increased to 10 mm/s, the wear resistance
of the cladding layer was notably reduced due to its lower hardness when compared to those obtained
at scanning speeds of 6 mm/s and 8 mm/s (Figure 10d). Large oxides (of which the EDS results are
given in Figure 11b) and furrows appeared on the worn surface, which indicated that adhesion and
oxidative wear occurred on the cladding layer surface.

Figure 10. SEM micrographs of the worn surfaces of the substrate and the claddings obtained with
different scanning speeds: (a) Substrate; (b) cladding at 6 mm/s; (c) cladding at 8 mm/s; (d) cladding at
10 mm/s.
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Figure 11. EDS results of different zones in Figure 10: (a) Zone 1; (b) Zone 2.

4. Conclusions

An Fe-based amorphous coating was successfully prepared by laser cladding of powder with
a chemical composition of Fe46.8Mo22.7Cr13.6Co7.6C4.8B2.3Y1.2Si1.0 (wt.%) on a 3Cr13 stainless steel
substrate. The influences of laser scanning speed on the microstructure and properties of the coatings
were investigated. The main results can be summarized as follows:

(1) The laser cladding layers exhibited three distinct microstructures at various scanning speeds.
At the scanning speed of 6 mm/s, the cladding layer was a mixture of amorphous and crystalline
regions. For a scanning speed of 8 mm/s, the cladding layer was mainly composed of a block
grain structure. For a scanning speed of 10 mm/s, the cladding layer was composed entirely of
dendrites. The dilution ratios were more dominant than the scanning speed in determining the
resultant microstructures.

(2) Compared with the hardness of the substrate of 200 HV0.2, the cladding layers had an extremely
high hardness of about 1300 HV0.2 at scanning speeds of 6 mm/s and 8 mm/s, and a lower high
hardness of 700 HV0.2 at the scanning speed of 10mm/s.

(3) The wear resistance of the cladding layers was much higher than that of the substrate, and the
wear resistance of the cladding layers could be improved by using a lower scanning speed due to
the formation of high hardness wear resistant phases.
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