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Josef Stráský
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1. Introduction and Scope

The research field of severe plastic deformation (SPD) offers innovative potential for manufacturing
bulk metallic materials as well as for modifying their surfaces. Significant grain refinement can be
obtained using hot, warm, cold, and even cryogenic deformations by SPD and Thermo-Mechanical
Processing (TMP), or a combination thereof. In addition to grain refinement in the respective phases of
the metallic materials, microstructural design on different hierarchical levels and even alloy design
by phase formations and transformations during processing is possible by SPD and TMP. Examples
include mechanically driven phase transformations, the formation of metastable phases, grain boundary
engineering, and the formation of desirable textures.

This Special Issue contains the selected papers presented at the 3rd Symposium, “Severe Plastic
Deformation and Thermomechanical Processing: Nanostructuring and Properties”, which was
organised as a part of EUROMAT congress in Stockholm, Sweden, 1–5 September, 2019.

The published papers report the use and recent advancements of different established as well
as novel SPD processes like high-pressure torsion (HPT), Equal-Channel Angular Pressing (ECAP),
High-Pressure Torsion Extrusion (HPTE) and Surface Mechanical Attrition Treatment (SMAT). In the
scope of these studies are microstructural evolution, phase formations and grain refinement in single-
and multi-phase alloys, strategies to enhance the microstructural stability at elevated temperatures as
well as during thermal cycling and the improvement of mechanical and physical properties by SPD
processing. Additionally, the biomedical properties of SPD-processed materials are investigated.

2. Contributions

Thirteen research papers have been published in this Special Issue of Metals. The papers cover a
wide spectrum of topics, including (i) deformation mechanisms, the mechanical properties and fatigue
behaviour of SPD-processed materials [1–7], (ii) microstructural and mechanical stability at elevated
temperatures [8,9], phase formations in alloys [10], the improvement of physical properties (electrical
conductivity [11], magneto-resistance [12]) and biomedical properties (biocorrosion resistance [6],
biocompatibility [13]) by SPD.

In the thematic area (i), Klu et al. [1] investigated a combination of multi-pass warm ECAP
followed by rolling at room temperature for the development of a high-strength Mg-9Li duplex alloy
and carried out a systematic investigation of the microstructure–mechanical properties relationship.
They found that grain boundary strengthening and dislocation strengthening are the main factors
determining the strength of this alloy. Additionally, the basal texture of the α-Mg phase, which was

Metals 2020, 10, 1306; doi:10.3390/met10101306 www.mdpi.com/journal/metals1
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induced by the rolling process, contributed to the strength. Nugmanov et al. [2] examined the structure
and tensile strength of pure Cu after HPTE. A gradient structure developed due to the strain varying
across the sample from the central area to the edge. Nevertheless, similar strength values as in pure Cu
with a homogeneous microstructure after SPD were reached, which demonstrates the potential of HPTE
for future industrial use. Stráská et al. [3] processed a low alloyed Mg-Zn-Nd alloy by hot extrusion
and subsequent ECAP deformation. The influence of texture and microstructure on the mechanical
properties and deformation mechanisms was thoroughly studied and a compressive yield strength
more than twice as high as that of the undeformed alloy was reached. Dureau et al. [4] investigated the
influence of ultrasonic SMAT treatment at room and cryogenic temperatures on the fatigue behaviour
of a 304L austenitic stainless steel with a focus on the nature of the cyclic loading conditions. In the
case of this steel, the higher fraction of martensite induced by the cryogenic SMAT did not provide
an enhancement of fatigue performance compared with the room temperature treatment. However,
the fatigue limit was increased by approximately 30% for both peening temperatures in comparison
with the untreated samples. Industrial scale multi-pass rotary-die ECAP processing was used in [5] to
tailor the morphology and distribution of Al2Ca particles in a Mg-Al-Ca-based alloy to improve its
strength and ductility. The alloy with the finest and most homogenously dispersed Al2Ca particles
exhibited superior mechanical properties, which were also attributed to refined grains of the α-Mg
phase and nanosized Mg17Al12 precipitates. The effects of thermomechanical processing (SPD by HPT
and thermal treatment) on the mechanical properties of biodegradable Mg alloys were investigated by
Ojdanic et al. in [6]. Thermomechanical processing lead to a strength increase of up to 250%, whereby
about 1/3 of the increase could be related to the thermal treatment. Differential scanning calorimetry
and X-ray line profile analysis proofed a significant contribution of the high vacancy concentration to
the extensive hardening of the investigated alloys. Furthermore, intermetallic precipitates contributed
to the strength. Veverková et al. [7] evaluated the mechanical properties of a metastable β-Ti alloy
Ti-15Mo, which was prepared by cryogenic milling and spark plasma sintering. By using this process,
a refined microstructure with very high strength levels could be obtained.

In the framework of topic (ii), the microstructural and mechanical stability during elevated
temperatures is discussed in two papers. Kriegel et al. [8] investigated the formation and thermal
stability of the ω-Ti(Fe) phase in α-phase-based Ti(Fe) alloys, which were processed by HPT.
The formation of the ω-Ti(Fe) phase was mainly at the expense of α-Ti. The thermal stability
of the studied alloys was lower than that of samples, annealed above the eutectoid reaction. However,
a similar decomposition pathway was found. Churakova and Gunderov [9] analysed the influence of
thermal cycling on the microstructural and mechanical stability of a Ti-Ni shape memory alloy, which
was processed by ECAP, and compared it to a coarse-grained, undeformed counterpart. It was found
that the ECAP-processed alloy is more attractive for applications, due to its higher level of properties
compared to the coarse-grained state, and its higher stability during thermal cycling.

The effect of HPT and subsequent isothermal annealing on phase evolution and transformation in a
Ti15Mo alloy was studied by Bartha et al. in [10]. They showed that, thanks to the increase in nucleation
sites due to HPT-induced lattice defects, the α-phase formation is enhanced. Furthermore, it was found
that the α-precipitates are small and equiaxed. Additionally, the microhardness is increased, which is
mainly attributed to the microstructural refinement in combination with the formation of the ω phase.

Finally, the improvement of physical and biomedical properties by SPD is investigated in
three papers. Lapovok et al. [11] studied the influence of ECAP on the electrical conductivity
and strength of Cu-clad Al conductors with different sheet thicknesses, which were subsequently
annealed. Although the conductivity decreased after deformation, annealing led to conductivity values
exceeding the predicted, theoretical ones. It could be shown that ECAP in combination with short
annealing can be used to produce conductors with high conductivity and strength. Wurster et al. [12]
investigated the influence of HPT such as deformation temperature and strain rate on the granular
magnetoresistance of different materials consisting of ferromagnetic and diamagnetic elements and
related it to the microstructure of SPD-processed materials. It is shown that the magnitude of the
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granular magnetoresistance can be tuned by changing the HPT process parameters. In [13], the effect
of SMAT was compared for two binary functionally graded materials (Ti-Nb and Ti6Al4V-Mo) to study
the effect of chemistry, roughness and SPD microstructure on mesenchymal stem cell adhesion and
proliferation. The increased roughness introduced by SMAT improved the cellular adhesion, but did
not influence their proliferation capability. It was further found that the SPD treatment has an effect on
cell distribution during the first stages of proliferation due to the induced microstructural refinement
and structural defects.

3. Conclusion and Outlook

The current Special Issue of Metals provides a comprehensive insight into current research in the
field of SPD. The papers cover several research topics and we hope that this Special Issue will be a
starting point for future scientific discussions. As Guest Editors of this Special Issue, we hope that the
papers will catch the interest of many scientists and will be useful for their future work.

Acknowledgments: We would like to express our deep gratitude to all the authors for their contributions.
We further thank the anonymous reviewers for their efforts to ensure high-quality publications were accepted.
Sincere thanks are also due to the editors and editorial assistants of Metals for their help and support during the
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Abstract: In this study, a high-strength Mg-9Li alloy was developed via multi-pass equal-channel-
angular-pressing (ECAP) and post rolling, of which the yield tensile stress (YTS) and ultimate tensile
stress (UTS) were 166 MPa and 174 MPa representing about 219% and 70% increase in YTS and
UTS respectively, compared to the cast alloy. The cast alloy was ECAP processed at 200 ◦C for
4, 8, and 16 passes, followed by room-temperature rolling to a total thickness reduction of 50%.
The 8-passes ECAPed (E8) alloy presented the best strength of all the ECAPed alloys, and the
post rolling endowed the alloy (E8R) further strengthening and the best strength of all the alloys.
Grain-boundary strengthening and dislocation strengthening were the two major factors for the high
strength of the processed alloys. The α-Mg phase grains were greatly refined to about 2 μm after
8-passes ECAP, and was further refined to about 800 nm ~1.5 μm after rolling. Significant grain
refinement endowed the alloy with sufficient grain-boundary strengthening. Profuse intragranular
dislocation accumulated in the deformed matrix, leading to the significant dislocation hardening
of the alloy. Rolling-induced strong basal texture of the α-Mg phase also enhanced the further
strengthening of the E8R alloy.

Keywords: Mg-9Li duplex alloy; ECAP; rolling; high strength; microstructure

1. Introduction

Magnesium (Mg) alloys have high specific strength and ductility resulting in their use in
various applications from automobile, aerospace, and orthopedic applications. However, its low cold
workability near room temperature due to its hexagonal packed crystal structure limits its use [1–3].
Magnesium alloys have been classified by many researchers as a super lightweight structural metal,
attracting a lot of attention in the automobile and aerospace industries where production of light,
super-fast machines requiring less fuel consumption through weight reduction is of high priority [4,5].
Magnesium–Lithium (Mg–Li) alloys are gaining more and more interest in scientific research studies
as well as in industrial applications owing to their super lightweight, high specific strength and good
formability making it one of the most ideal structural materials for 3C intelligent electronics, medical
devices etc. [6–8].

Many researchers have employed the use of alloying and various mechanical procedures to
enhance the mechanical property of Mg-Li base alloys [9,10]. Notable amongst them is the ECAP

Metals 2019, 9, 1008; doi:10.3390/met9091008 www.mdpi.com/journal/metals5
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(equal channel angular pressing) process for achieving ultrafine grains (UFG) by severe plastic
deformation (SPD) [11,12]. ECAP has advantages of producing large bulk materials for various
industrial applications, with improvement in strength and ductility properties [13–15]. Conventional
ECAP process however has typical drawbacks of reinserting billets into the die for every pass, resulting
in inconsistencies in temperature applied for each pass [16–18]. Some researchers have therefore
resorted to the development of novel processes with higher production efficiency, such as repetitive
upsetting (RU) [19–21] and rotary die equal channel angular pressing (RD-ECAP) [22–24]. Also,
another effective plastic deformation in use is the rolling technique. Magnesium alloys have a dense
hexagonal structure with few slip systems. This makes it easy to induce stresses when rolling at large
strain rates which results in very low yield of magnesium alloy sheets [25]. However, the addition
of lithium to the magnesium alloy forming Mg–Li alloy results in the formation of a β-rich Li phase
which greatly increases the dislocation slip system and improves the plastic deformation ability of
the Mg-Li alloys [26]. The results obtained from the reported research [27,28] show that, the use
of rolling technique leads to an improvement in the strength properties of the Mg-Li alloy, activate
more slip systems, enhance the ability of intergranular co-opening and improve the ability of plastic
deformation at room temperature (RT). In the rolling process, strong basal texture will be formed [29].
Research done by the reference [28] employed unidirectional (transverse and longitudinal) and cross
(combination of transverse and longitudinal) rolling routes to improve the mechanical properties of
Mg-9Li-1Al alloy. The unidirectional rolling routes reached 170 MPa tensile strength whereas the cross
rolling route reached 243 MPa respectively. During the rolling process, compression twins may be
formed. Therefore, in the rolling process, the original structure can be refined by pretreatment and
the morphology and texture of the material can be controlled during the rolling process. Different
researchers [30,31] have employed the use of ECAP with further rolling, applying it in a wide variety
of alloys and have achieved sufficiently good tensile strength and ductility.

This research therefore seeks to investigate the effect of employing a combination of RD-ECAP
with further room-temperature rolling techniques on the microstructural evolution and mechanical
property changes of Mg-9Li duplex alloy.

2. Experimental

2.1. Materials and Processing

The raw material Mg-9Li alloy ingots used in the experiment was purchased from Jiangsu Li Mg
Aero Material Co., Ltd. The composition of the alloy was analyzed by GNR S3 spark direct reading
spectrometer. The results are shown in Table 1. The raw material can be identified as Mg-9Li alloy
according to the mass ratio of Mg to Li element. According to the binary phase diagram of Mg–Li alloy,
the lithium content of the alloy in this paper falls in the range (between 5.7–10.3 wt. %) of the (α + β)
duplex phase structure.

Table 1. Analysis of Mg-9Li alloy composition (wt. %).

Mg Li Fe Mn Zn Cd

91.052 8.809 0.010 0.024 0.014 0.030

ECAP was conducted at 200 ◦C with the samples extruded for 4, 8, and 16 passes. The rotary
Die equal channel angular pressing (RD-ECAP) set-up as diagrammatically illustrated in Figure 1a
with detailed information obtained from our previous investigation [22,27] consists of a plunger for
forcing the sample through the die orifice with all four sides of the die sealed with punches with the
upper punches protruding out of the die to be pressed by the plunger. This is used for continuously
processing the samples. This method is in tandem with the principles of the conventional ECAP with
the extruded inner angle being 90◦. The advantage over the conventional ECAP set-up is that unlike
in the former, each pass needs to be rotated and then refilled with the mold and rotated clockwise at
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the end of each pass as shown in Figure 1a. The rotary die can save a lot of experiment time, shorten
the holding time of each pass and effectively reduce the dynamic recovery behavior after long time
heating [27]. The inner parts of the die is cleaned with graphite emulsion to reduce friction during
the extrusion process. After each pass, the sample squeezes from the upper channel into the left
channel. The mold is then rotated clockwise with the sample reverting to its initial upper channel
position, which is ready for the next pass. The as-cast sample is heated to 200 ◦C for half an hour in an
oven and then processed for 4, 8, and 16 passes respectively. The preparation of the 16-pass ECAP
sample requires another half an hour reinsertion of the die into the furnace after 8 passes is completed
before performing the further 8 passes. This is to ensure that the sample does not crack during the
extrusion process.

Figure 1. Schematic diagram of (a) rotary die equal channel angular pressing (RD-ECAP) process and
(b) rolling technique [27].

The ECAPed specimens are further rolled at room temperature (RT) to obtain high strength and
toughness. All the ECAP-processed specimens were further rolled along a 20 × 40 × 2.5 mm3 thin
section perpendicular to the extruded surface using a rolling machine as diagrammatically illustrated
in Figure 1b with detailed information obtained from references [27,31]. Multi-pass rolling at room
temperature was used via the rolling speed of 0.1 mm·s−1 in this process. Each pass reduction was
10% until the total reduction reached 50%. This method can effectively prevent the sample from
cracking during the rolling process. The height between the two rollers were adjusted with the speed
controlled. After each pass, the sample is reversed for the next roll to ensure the uniformity of the
rolling. Each sample is designated with a specific name. The as-cast alloy, ECAPed alloys with 4,
8, 16 passes, cast-rolled alloy, 4-passes ECAP plus rolling alloy, 8-passes ECAP plus rolling alloy
and 16-passes ECAP plus rolling alloy are given designated names of C, E4, E8, E16, CR, E4R, E8R,
and E16R respectively.

2.2. Microstructure Characterization

The microstructure of Mg-9Li dual phase alloy after ECAP and rolling was analyzed by Optical
Microscopy (OM, Olympus BX51M, Tokyo, Japan). The samples were cut into 10 × 10 mm small
squares, then grounded using sandpaper increasing the grit size after each grinding cycle. The samples
were then polished using 0.5 μm Al2O3 suspension solution until a mirror-like specimen surface was
observed. The polished samples were etched with a solution mixture of 4.3 mL picric acid, 95 mL
ethanol, and 0.7 mL phosphoric acid.
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Transmission electron microscopy (TEM, FEI Tecnai G2, Hillsboro, OR, USA) was applied to
observe the microstructure and grain size of the Mg-9Li alloy after ECAP and post-rolling. The samples
were cut into a 10 × 10 × 0.6 mm3 pieces. The cut piece was grounded using a 1000 and 2000 grit
sandpaper to about 100 μm. The sample was then punched into circular disks of 3 mm diameter and
a special auxiliary equipment was used to polish the disc to 20–30 μm on the 1500 grit sandpaper.
The TEM foil was finally perforated by ion milling (Gatan 695C, Pleasanton, CA, USA).

The phase composition of Mg-9Li dual phase alloy in different states was qualitatively characterized
by X-ray diffractometer with a Bruker D8 (XRD, Karlsruhe, Germany) with test conditions: Cu target
Ka-ray, tube current 40 mA, scanning range 10–90◦, scanning speed 5◦/min. The texture of the samples
in different states were observed by XRD. The samples were polished using a 1000 grit sandpaper to
ensure a smooth surface and etched with 3% nitric acid to remove its surface stress with the direction
of extrusion and rolling indicated on the sample surface.

2.3. Tensile Test

Tensile test of the Mg-9Li alloys were conducted using the uniaxial tensile test at room temperature
via a UTM4204X electronic tensile machine (Suns, Shenzhen, China) with a strain rate of 1 × 10−3 s−1.
A dog bone shape of dimensions 6 × 2 × 2 mm3 was used with at least five samples tested for each
process sample and the average value obtained. The mechanical properties were measured and
the fracture morphologies of the different processed alloys were observed using a scanning electron
microscope (FEI Quanta 3D FEG, Hillsboro, OR, USA).

3. Results

3.1. Microstructure of ECAPed and ECAP-Rolled Alloys

The optical microstructure of the cast alloy and ECAPed alloys with different processing passes
are shown in Figure 2. As seen in Figure 2a, the grey phase of the cast alloy is indicative of the
α-rich Mg phase and the darker phase is β-rich Li phase. Clearly, the α-Mg phase is large and
irregularly distributed in the β-Li matrix. After ECAP processing, the microstructure of α-Mg phase is
continuously deformed with increase in number of passes and the reduction in grain size accordingly.
As shown in Figure 2b, after four passes, the α-Mg phase shows elongated phases distributed in
a particular angle showing a distinct plastic flow pattern. In addition, compared with the as-cast
microstructure, the β-Li phase also decreased after 4 passes ECAP. After ECAP for 8 passes, the α-Mg
phase grains are further lengthened with both phases oriented in the direction of the extrusion flow
lines, as shown in Figure 2c. After 16-passes ECAP, as shown in Figure 2d, the α-Mg phase is further
refined, presenting the typical plastic-deformation flows.

Figure 3a shows the optical microstructure of cast-rolled Mg-9Li alloy in the rolling direction.
Clearly, the α-Mg phase is elongated and arranged in order along the rolling direction. Figure 3b,c is the
optical microstructure of the ECAP-rolled alloy observed from the rolling direction (RD) and normal to
the rolling direction (ND) respectively. Note that, this alloy was firstly ECAP processed for 8 passes,
and then subjected to rolling until a 50% reduction in thickness. Thus, the samples of Figure 3b,c are
named as E8R-RD and E8R-ND, respectively. Compared to the ECAPed alloys, the duplex phases
of the alloy was further elongated and arranged in order along the rolling direction, presenting the
typical plastic deformation flow. Meanwhile, the alloy has a more severe plastic-deformation flow in
the direction normal to the rolling direction, presenting the typical fibrous microstructure.
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Figure 2. Optical Micrographs of as-cast and equal-channel-angular-pressing (ECAP)ed Mg-9Li alloys:
(a) cast; (b) E4; (c) E8; (d) E16.

 

 
Figure 3. Optical Micrographs of Rolled Mg-9Li alloys: (a) CR along the rolling direction (CR-RD);
(b) E8R along the rolling direction (E8R-RD); (c) E8R normal to the rolling direction ND (E8R-ND).

Figure 4 presents the XRD spectra of the Mg-9Li alloys after ECAP and post rolling. As shown
in Figure 4a with the cast and ECAPed alloys with different passes, it is clear that the peaks, as well
as their intensities, of the two-phase structure changes with the number of ECAP passes in the alloy.
Compared with the as-cast alloy, the peaks of the α-Mg and β-Li phases have many different crystal
faces. For example, (200), (220), (310) peaks are formed in the Li-rich phase whiles (1012), (1120) peaks
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are formed in the α-Mg phase. Comparatively, after 8 passes, the α-Mg shows peaks of (1010), (1011),
(1120) whereas the peak increased obviously and the diffraction peaks of (200) and (211) crystal planes
are enhanced in the β-Li phase. The XRD spectra of the ECAP-rolled alloys are shown in Figure 4b.
The diffraction peaks of the β-Li phase (110) crystal plane are weakened after rolling whereas the
diffraction peaks are stronger on the basal (200) and cone (310) planes after rolling. Among all the
diffraction peaks of the α-Mg phase, the diffraction peak of the basal plane (0002) is the strongest,
which indicates the existence of strong basal texture in the ECAP-rolled alloys [32–34]. Meanwhile, the
peaks of (200) crystal planes of the ECAPed alloys were further strengthened after rolling, and this
phenomenon was more obvious in the alloys with larger ECAP passes.

Figure 4. X-ray diffraction patterns of Mg-9Li alloys: (a) as-cast and ECAPed alloys; (b) rolled alloys.

3.2. Tensile Mechanical Properties of the ECAPed and ECAP-Rolled Alloy

The tensile engineering strain-stress curves of the alloy after different-passes ECAP process
and post rolling were obtained and presented in Figure 5, and the related mechanical parameters
summarized in Table 2. Due to the amount of soft β-Li phase of the duplex structure, the cast alloy has
limited strength and excellent ductility, presenting the extremely low yield strength (YTS, about 52 MPa)
and high elongation to failure (Ef, about 33%). One characteristic noteworthy is that, the cast alloy
presents sufficient tension work-hardening ability, presenting the continuously strengthened tensile
bearing capacity. Benefited from this advantage, the ultimate strength (UTS, about 102 MPa) of the cast
alloy is nearly double of the YTS and also presents the excellent performance in the uniform elongation
(Eu, about 15%).

ECAP process improved the strength but decreased the ductility of the Mg-9Li alloy, and the
mechanical performance changed with different ECAP passes. After ECAP for 4 passes, the YTS and
UTS of the E4 alloy were improved to 88 MPa and 106 MPa, and the Eu and Ef decreased to 5% and
25% respectively. With increased ECAP passes, the 8-passes ECAPed alloy (E8) was further greatly
strengthened with better ductility compared to the E4 alloy, of which the YTS and UTS are about
110 MPa and 133 MPa, and the Eu and Ef are about 7% and 24%. However, remarkable softening of the
alloy occurred when the ECAP process was further increased to 16 passes. Compared to the E8 alloy,
the E16 alloy presented lower YTS (about 100 MPa) and UTS (about 116 MPa). However, the ductility
of E16 alloy was improved, of which the Ef was about 31%, nearly the same as that of the cast alloy.
However, it should be emphasized that the strength of the E16 alloy is still significantly higher than
that of cast alloy, especially the YTS. Different to the sufficient work-hardening ability of the cast alloy
during the tensile process, the ECAPed alloys presented a reduced difference between values of YTS
and UTS, indicating their less tension work-hardening ability.
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Figure 5. Tensile strain-stress curves of Mg-9Li alloys: (a) Cast and ECAPed alloys; (b) cast rolled and
ECAP-rolled alloys.

Figure 5b presents the engineering strain-stress curves of the rolled alloys. Different to the tensile
curves of the cast and ECAPed alloys, the tensile curves of the rolled sample showed the obvious dense
serrated fluctuations after yielding which can be adjudged to be the C-type Portevin-Le Chatelier
(PLC) effect [9]. The appearance of this phenomenon may be caused by the instability of the Mg atoms
in the β-Li matrix after rolling. When plastic deformation occurs under the action of tensile stress,
dislocation passes through these unstable solid-solution Mg atoms, which promotes the dissolution
of these Mg atoms from the β-Li matrix. At the same time, the dislocation will be pinned at the
grain boundary or the dislocation accumulation during the movement, so the interaction between
the movable dislocation and the unstable dissolved Mg atom will cause the fluctuation of the tensile
curve [9,35]. Significant strengthening and dramatic reduction in ductility occurred to the cast alloy
after rolling process, of which the YTS and UTS increased to about 152 and 158 MPa, and the Eu and Ef

decreased to about 3% and 16% respectively. Judging from the typical change in strength and ductility
of the cast-rolled alloy, one can point out that strain-induced dislocation hardening is the major factor
dominating the above phenomenon. During the rolling process, a large number of dislocations are
induced within the grains. With further deformation, the edge dislocations and screw dislocations
move along (0002) planes. Until the grain boundary is reached, a large number of dislocations in the
grain boundary tangles further from the dislocation cell walls, further impeding the slip of dislocations.

Table 2. Tensile test properties of as-cast, ECAP and ECAP-rolled Mg-9Li alloy.

Mechanical Properties C E4P E8P E16P CR E4R E8R E16R

UTS (MPa) 102 106 133 116 158 133 174 149
YTS (MPa) 52 88 110 100 152 126 166 120

Eu (%) 15 5 7 5 3 3 2 7
Ef (%) 33 25 24 31 16 21 22 26

Post rolling also improved the strength and decreased the ductility of the ECAPed alloys. However,
all the ECAP-rolled alloys had better ductility compared to the cast-rolled alloy. Among them, the E8R
alloy had the best strength with satisfactory ductility, of which the YTS, UTS, and Ef values reached
166 MPa, 174 MPa and 22% respectively. Compared to the cast alloy, the E8R alloy dramatically
enhanced the YTS and UTS, which increased by 219% and 70% respectively. Compared to the cast-rolled
alloy, the YTS and UTS increased by 10% and 9%. The most important thing is that, the E8R still kept
satisfactory ductility after rolling while the cast-rolled alloy suffered dramatic reduction in ductility.
Different to the E8 alloy, the rolling process endowed a quite limited strengthening to the E4 and E16
alloys, of which the YTS and UTS were all less than that of the CR alloy. This phenomenon may have a
close relationship to the incompletely refined microstructure of the E4 alloy and the softening process
of the E16 alloy.
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Figure 6 presents the SEM fracture morphology of Mg-9Li alloys. Generally, as seen in Figure 6a,
the cast alloy has a typical tearing fracture, indicating the excellent ductility. The fracture of the as-cast
alloy shows major deep dimples in the β-Li phase induced by further growth of the voids due to the
accumulation of dislocations and the few quasi-cleavage fracture along the α-Mg phase. In the E8
alloy (Figure 6b), the fracture surface is relatively flat with fewer marks of severe tearing compared to
the cast alloy, indicating less plasticity. In addition, the fracture is majorly occupied by a mass of small
shallow dimples while a few cleavage steps can be also observed. The great decrease in dimple size
should be closely related to the grain refinement. Post rolling created more obvious flat fracture to
both the cast and ECAPed alloy, indicating remarkable reduced ductility. As seen in Figure 6c, the CR
alloy has an equal amount of dimples, mixed with large cleavage steps. Meanwhile, its dimples are
much shallower than that of the cast alloy. As seen in Figure 6d, the E8R alloy also presents increased
cleavages compared to the E8 alloy. However, the cleavage of this alloy was obviously less than that
of the CR alloy, indicating the satisfactory and better ductility. From the above analysis, it can be
concluded that the SEM fracture morphologies properly reflect the alternating ductility of the alloys
after ECAP and post rolling.

 

 

Figure 6. SEM fracture morphology of Mg-9Li alloys: (a) Cast alloy; (b) E8 alloy; (c) CR alloy;
and (d) E8R alloy.

4. Discussion

4.1. Grain-Boundary Strengthening and Dislocation Strengthening

Generally, thermoplastic processing greatly influences the mechanical properties of a metal from
three aspects [36–38]. Firstly, the process eliminates the casting defects of the raw materials. Secondly,
the coarse grains will be greatly refined due to the strain-induced dislocation evolution, resulting in
the significant grain refinement. Thirdly, the coupling effect of heat and strain-induced dislocation
entanglement will stimulate the dynamic recrystallization of the deformed matrix. For the Mg-9Li
alloy, due to the bcc structure and its softer essence of β-Li phase, it will be firstly deformed with lots of
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dislocations accumulated in the α/β phase interface, which inhibits the recovery of the β-Li phase but
stores up enormous distortion energy [39]. With increase in ECAP passes and induced strain, a large
number of dislocations will concentrate inside the deformed β-Li phase grains [26,40]. The increase in
dislocation density leads to the sub-grain boundary becoming the nucleation point of recrystallization,
eventually growing up to from new grains [18,41]. Therefore, dynamic recrystallization takes place
preferentially in β-Li phase, which may lead to a limited strengthening and the potential softening of
the alloy [42].

As revealed in the tensile curves, the E4 alloy has an improved YTS compared to the cast alloy
with limited UTS and decreased ductility. The dynamic-recrystallization of β-Li phase and the limited
grain refinement of the α-Mg phase is the major contributing factor to this phenomenon as well as the
extremely limited further strengthening to the E4 alloy after further rolling. As revealed in the tensile
curves, both E8 and E8R alloys presented the best strength, due to the combination of grain-boundary
strengthening and dislocation strengthening from both α-Mg and β-Li phases. Generally believed,
the finer the grain size during thermal plastic deformation, the more easily dynamic recrystallization
occurs [40,43]. Due to the re-heating of the E16 alloy after 8-passes followed by an additional 8 passes,
a high possibility of intensive dynamic recrystallization occurring to both α-Mg phase and β-Li phase
due to the lattice distortion energy obtained from the further ECAP-induced plastic deformation results
in the typical softening phenomenon of the E16 alloy.

TEM images of the E8 and E8R alloys are presented in Figure 7. Figure 7a presents the typical
grain morphologies of deformed α-Mg phase. The selected electron diffraction pattern (SAED) in the
bottom right corner of Figure 7a was observed in the ([4153]) zone axis. As marked, the crystal planes
of (1110), (1102), and (1013) clearly shows the typical lattice feature of the Mg phase. After continuous
ECAP process for 8 passes, obvious grain refinement of approximately 2 μm has been achieved in
the deformed α-Mg phase. As shown in Figure 7b, the deformed Mg grains has been further refined
to about 800 nm to 1.5 μm with improved grain boundary strengthening, satisfying the Hall-petch
equation, stated as σy = σ0 + kd−1/2 [44]. Figure 7c presents the typical intragranular dislocations
of the E8R alloy. Based on the TEM microstructure analysis, it can be deduced that the strength
enhancement of E8 and E8R alloys was dominated by the combined effect of sufficient grain-boundary
strengthening and dislocation strengthening with additional induced straining at room temperature
and the obtained finer grains. A number of researches have shown that the intensity and plasticity of
the α-Mg phase in the hcp structure can be improved synchronously after severe grain refinement via
severe plastic deformation (SPD) process [45]. Also, according to the reported results of the SPDed
UFG Mg alloys [46,47], the great refinement of the Mg grains will benefit both high strength and high
ductility of the α-Mg phase of the alloy. However, the large plastic deformation also leads to the grain
refinement, as well as the strain-induced work hardening of the β-Li phase, leading to the observed
decrease in ductility of the E8 alloy.
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Figure 7. TEM microstructure of the Mg-9Li alloys: (a) 8-passes ECAPed (E8) alloy grain morphology;
(b) E8R alloy grain morphologies; (c) intragranular dislocations of the E8R alloy.

4.2. Texture Strengthening

As reported by many researches [26,48], texture also greatly influences the strength and ductility
of the Mg alloys. As revealed in the XRD patterns of the alloys, the
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peaks of
the ECAPed alloys were strengthened. Meanwhile, the strongest diffraction peak of the basal plane
(0002) was detected. Thus, one can infer that the texture may play an important role in the mechanical
property of the processed Mg-9Li alloy. The XRD texture of the E8 and E8R alloys are presented in
Figure 8. Due to the cumulative effect of shear stress during the ECAP deformation, the basal texture
of the α-rich Mg phase is 40–60◦ with the ECAP-extrusion direction, and the maximum texture density
is up to 6.1. Prismatic texture

(
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)

and conical texture
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)
and
(
1120
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are found with weak texture
density. Generally, during plastic deformation of magnesium alloys, the slip in the direction of the basal
plane is the first thing to occur [16]. Due to the addition of Li, the ratio of c/a crystal axis is decreased,
which is favorable to the dislocation slip in the cylindrical and conical directions. In conjunction with
the orientation distribution function (ODF) diagram in Figure 8b, it is found that it is not only the
basal plane, prismatic, and cone textures that appear in the α-Mg phase but also there exists (1120)
<1100> textures. The texture shows that the local grains were ordered after ECAP processing since the
grains in different directions are arranged differently by shear force after multi-pass ECAP processing.
These multi-directionally ordered textures block the slip of the grains, leading to an increase in the
strength. Figure 8c depicts the pole figures for the {0002} plane of the α-Mg phase, a strong basal
texture along the rolling direction can be seen, and it is the appearance of this texture that leads to the
significant increase in strength of the E8R alloy. The distribution of the

{
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}

prismatic weak structure

in the rolling direction is 15◦. The
{
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}
,
{
1120
}

conical planes have no particularly apparent texture.
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Figure 8. XRD texture analysis of the α-Mg phase of Mg-9Li alloys. (a,b) are polar diagram and
ODF diagram of the E8 alloy, respectively; (c,d) are polar diagram and ODF diagram of the E8R
alloy, respectively.

5. Conclusions

In summary, a combined process of multi-pass ECAP and post rolling technologies were employed
in the development of a high-strength Mg-9Li duplex alloy. The microstructure and their influence on
the strength and ductility of the processed Mg-9Li alloys were systematically investigated. The main
conclusions are:

(1) Cast Mg-9Li alloy was firstly processed via multi-pass ECAP at 200 ◦C for 4, 8, and 16 passes
to achieve grain refinement in both α-Mg and β-Li phases of the ECAPed alloys. Post rolling
was conducted at room temperature to obtain further strengthening of the alloys. All the alloys
after the combined process presented enhanced strength and decreased ductility compared to the
cast alloy.

(2) Among all the ECAPed alloys, the E8 alloys presented the best strength, of which the YTS and
UTS are 110 MPa and 133 MPa, respectively. Post rolling of the E8 alloy further strengthened the
alloy and endowed it with the best strength of all the alloys in this research. The YTS and UTS of
the E8R alloys reached 166 MPa and 174 MPa. Approximately 219% and 70% increase in YTS and
UTS was achieved compared to the cast alloy, respectively.

(3) Grain-boundary strengthening and dislocation strengthening are the key factors to the greatly
improved strength of the Mg-9Li alloys after the combined processing. Significant grain refinement
of theα-Mg phase was achieved in the E8 alloy, of which the grain size was about 2μm. Post rolling
further reduced the grain size to between 800 nm and 1.5 μm. With the greatly refined grains,
the grain-boundary strengthening of the E8 and E8R alloys was obtained. Profuse intragranular
dislocation was accumulated in the deformed matrix of the E8 and E8R alloys, leading to the
significant dislocation hardening of the alloy.

(4) Prismatic texture
(
1010
)

and conical texture
(
1011

)
and
(
1120
)

were detected with weak texture
density in the E8 alloy. The strong basal texture along {0002} plane of the α-Mg phase was

15



Metals 2019, 9, 1008

formed in the rolled Mg-9Li alloys along the rolling direction, which also contributed to the most
improved strength of the E8R alloy.
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Abstract: The microstructure and mechanical properties of rod-shaped samples (measuring 11.8 mm
in diameter and 35 mm in length) of commercially pure (CP) copper were characterized after they
were processed by high pressure torsion extrusion (HPTE). During HPTE, CP copper was subjected
to extremely high strains, ranging from 5.2 at central area of the sample to 22.4 at its edge. This
high but varying strain across the sample section resulted in HPTE copper displaying a gradient
structure, consisting of fine grains in the central area and of ultrafine grains both in the middle-radius
area and at the sample edge. A detailed analysis of the tensile characteristics showed that the
strength of HPTE copper with its gradient structure is similar to that of copper after severe plastic
deformation (SPD) techniques, typically displaying a homogeneous structure. Detailed analysis
of the contributions of various strengthening mechanisms to the overall strength of HPTE coper
revealed the following: The main contribution comes from Hall–Petch strengthening due to the
presence of high and low angle grain boundaries in gradient structure, which act as effective obstacles
to dislocation motion. Therefore, both types of boundaries should be taken into account in the
Hall–Petch equation. This study on CP copper demonstrated the potential of using the HPTE method
for producing high-strength metallic materials in bulk form for industrial use.

Keywords: high pressure torsion extrusion; severe plastic deformation; gradient structure;
microstructure; hardness distribution; tensile properties; copper

1. Introduction

During past three decades, numerous studies have been conducted on the structure and mechanical
properties of bulk nanostructured (NS) and ultra-fine-grained (UFG) materials produced by severe
plastic deformation (SPD) processing. In these studies, considerable effort has been devoted to
high pressure torsion (HPT) [1,2] as well as equal channel angular pressing (ECAP) [3–5] since
these two are the best-known SPD techniques for producing UFG metallic materials. UFG materials
with unique combinations of mechanical properties such as high strength and plasticity [6] have
generated intensive interest because the results of some studies have suggested the presence of new
strengthening mechanisms.

NS metals, including those processed by HPT, generally exhibit very high strength but
limited tensile ductility (with a uniform elongation, only reaching a few percent) with almost no
work-hardening [7]. Low ductility is believed to be an intrinsic “Achilles heel” of NS metals because
the conventional deformation mechanisms cease to operate at the nanoscale level such that: (i) the
dislocation slip is substantially suppressed by the extremely small grains (which, however, account for
the extreme strength values in NS metals); and (ii) grain boundary (GB) sliding or diffusional creep
is not active enough to accommodate plastic straining at ambient temperature [8]. However, some
experimental data have hinted to the possibility that the generally observed low plasticity in NS metals
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might be extrinsic rather than intrinsic to these materials. For instance, dimples have been observed on
fracture surfaces of various NS metals, indicating substantial plastic deformation before failure [7].
In addition, large plastic strains were also obtained when using other deformation schemes such as
compression and rolling [3,5]. Indeed, limited tensile ductility of NS metals has often been attributed
to the absence of work hardening and to their nano-sized grains, so that strain localization and early
necking occur immediately after the onset of yielding. On the other hand, intrinsic tensile plasticity of
NS metals can be detected by effective suppression of strain localization.

There are several kinds of SPD techniques, which combine extrusion and shear, e.g., twist
extrusion [9], extrusion compression [10] and cyclic expansion extrusion [11]. In this study, we used the
high pressure torsion extrusion (HPTE) approach, with prevailing shear strain at the periphery of bulk
rod samples and extrusion-like deformation near the center of the rods [12–14]. The strain conditions
at the center and at the edge of the HPTE-processed rods depend on the processing parameters and
they can vary by several orders of magnitude. Therefore, HPTE is the one of the SPD methods which is
capable of producing rod samples with controlled gradient heterogeneous structures.

During the past decades, comprehensive analyses on the influence of the deformation mode on
the structural evolution and the resulting physical properties of initially structurally homogeneous
materials have been conducted. For example, refer to the study on the hardness and electrical
conductivity of pure copper processed by ECAP and HPT [15]; the study on the structural evolution in
a Siclanic alloy (Cu–Ni–Si) processed by ECAP and HPT [16]; and the studies on the effect of the SPD
deformation mode on the microstructure of pure copper [17,18].

Recently, a few studies have been reported on the mechanical properties of structurally
heterogeneous materials [7,19], consisting of hard and soft domains, which may demonstrate the
combination of very attractive properties such as high strength and high tensile ductility values.
Knowledge on the effects of fine–ultrafine and nano-grained structures on mechanical properties will
make it possible to significantly extend our understanding of the deformation processes from the
analysis of homogeneous materials to that of heterogeneous counterparts and, in particular, structurally
gradient materials [20].

One of the clearest structural features of Cu after the HPTE processing is a strong grain refinement
in the peripheral area, and a less pronounced grain refinement in the sample’s core [12]. Such
heterogeneous structure was the result of strain gradient along the sample radius. Tensile tests, carried
out on the gradient Cu samples after a surface mechanical grinding treatment, have shown that the
combination of NS to coarser grained microstructure provide an effective approach for enhancing the
“strength–ductility” synergy of materials which offer a potential for using the gradient NS layers as an
advanced coating of the bulk materials [7].

However, since HPTE it is a newly established SPD technique, data on the applicability of this
method to produce structurally gradient materials are still not available. Consequently, results on
the characterization of their mechanical properties are also limited. This study aims to bridge this
gap by conducting a critical analysis of both the structure and the mechanical test results obtained on
HPTE-processed Cu rod samples to reveal possible strengthening effects of varying grain refinement
steps giving rise to gradient (heterogeneous) structures.

2. Materials and Methods

CP copper samples containing 99.0 wt% of Cu and 1.0 wt% of Al were first machined, annealed
for two hours at 600 ◦C, and then water quenched to obtain a coarse-grained (CG) microstructure. A
typical orientation imaging microscopy (OIM) map of the initial structure is shown in Figure 1a. The
OIM map was obtained from the electron backscatter diffraction (EBSD) data and it demonstrates,
random grain orientations. The initial structure is characterized by near-ellipsoid-shaped grains
(the aspect ratio was ~1.3) with numerous annealing twins (Figure 1a) and an average grain size of
~30 μm. As shown by the back-scattered electron (BSE) image in Figure 1b, the microstructure also
contains second-phase particles. The BSE image shows that the second phases are nearly spherical
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with an average diameter of ~1–5 μm. Usually, these particles are Cu-rich AlCu3, Al4Cu9 and AlCu2

intermetallic phases [21,22]. According to the technical specifications of CP copper [22], the particles
have a metallurgic origin and they can also include oxides, hydrides, and flux-income impurities.

Figure 1. (a) Typical orientation imaging microscopy (OIM) map and (b) back-scattered electron (BSE)
image of the annealed Cu rod (longitude section).

The HPTE apparatus (Karlsruhe Institute of Technology, Institute of Nanotechnology,
Eggenstein-Leopoldshafen, Germany), with a specially designed die, is shown in Figure 2a. The
material processing was performed at 100 ◦C with an extruding velocity (υ) of 1 mm/min and a
rotational velocity (ω) of 1 rpm. According to [12], HPTE-processed copper with v1w1 regime at room
temperature led to the formation of a UFG structure. In our study, cylindrical shaped (rod) samples
with an initial diameter of 11.8 mm and a length of 35 mm were processed using molybdenum disulfide
(MoS2) as a lubricant to facilitate the extrusion process. The HPTE apparatus was described in detail
in [12]. During the processing, the Cu rod samples were exposed to expansion and extrusion as well
as torsion.

Figure 2. HPTE die with (a) holding elements and (b) a schematic drawing of the tensile test sample.
Dimensions are given in millimeters.

Additional details regarding the development of the die design and the compressive strength
the material samples are subjected to during the HPTE processing have been described in an earlier
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study [23]. The resulting equivalent strain depends on the ratio of the channel diameters (D1/D0 and
D1/D2), the extruding velocity (υ), and the angular velocity of the die (ω), and it can be calculated as
follows [12]:

e = 2lnD1/D0 + 2lnD1/D2 + (ω*R*D1)/(
√

3*v*D2) (1)

where D0, D1, and D2 are fixed and equal to 12, 14, and 10.6 mm, respectively, and R is the distance
from the center in the sample’s cross section.

Under the above-mentioned parameters, Table 1 contains the strain values calculated using
Equation (1). The equivalent strain is in the range between 5.2 and 22.4, depending on the distance
from the center, which ensures the formation of a gradient structure.

Table 1. Structure parameters of CP Cu rod after the HPTE treatment, based on the SEM–EBSD and
BSE imaging *.

Process ID E D15, μm
D3,
μm

NX/NY
VHAB,

%
Θav,
deg

Vtwin,
%

dp, μm f, %

initial 0 30.0 - 1.3 90 47 56.4 0.61 0.21

HPTE
center 5.2 (16.7,1.2) **/1.4 0.8/0.8 0.9/0.9 25/41 14/19 3.8

1.22 0.17mid-rad 13.8 0.9/0.8 0.4/0.6 1.0/0.9 33/49 16/26 9.0
edge 22.4 0.7/0.7 0.4/0.6 1.1/1.0 61/79 31/35 9.1

* All microstructure parameters are given for the transverse/longitudinal sections. ** Here the grain size values for
two maxima of the grain size distribution by the specific area are given.

The HPTE-processed samples were afterwards sectioned both in the transverse (normal) and
longitude directions, thinned to the foil thickness, grinded, and mechanically polished. The polished
samples were subsequently examined by EBSD technique, using a ZeissAuriga60 scanning electron
microscope (SEM), equipped with an EDAX-TSL EBSD system, and operated at 20 kV. The samples
for SEM observations were prepared by conventional electro-polishing procedure with a Tenupol-5
twinjet polisher, using standard Struers solution for copper. Final polishing on GATAN PIPS system
was performed to remove the surface oxide layer.

TSL OIM EDAX v.7 (EDAX Inc., Draper, UT, USA) software was used for indexing the EBSD
patterns. The dimension of the scan areas was 20 × 20 μm. OIM maps were collected from transverse
(shear plane) and longitudinal sections of the samples. They were collected at the sample’s center
(~0.5 mm from the sample axis), at the middle-radius (~2.7 mm from the sample axis), and at the
sample’s edge (~4.5 mm from the sample axis). Scan step was 0.1 μm for the initial state and at the
central area of the deformed samples, and 0.05 μm at the mid-radius and edge of the HPTE samples.

To minimize misindexing error, nine Kikuchi-bands were used for indexing. To ensure reliability
of the EBSD data, all grains comprising of three or fewer pixels were automatically removed from
the maps using the grain-dilation and neighbor orientation correlation options of the TSL software
(minimal grain tolerance angle was 5◦). The camera settings and the Hough parameters allowed us
to collect data without significant decrease in pattern quality with the angular resolution ~0.5◦. For
noise reduction, a lower limit boundary misorientation cut-off value of 2◦ was applied. A 15◦ criterion
was used to differentiate between low—(LABs) and high—(HABs) angle GBs. The grain size (D) was
computed using the equal diameter method. Two misorientation threshold values, of 3◦ and 15◦, were
used to define the grain area. The respective mean grain sizes are labeled as D3 and D15. Specific grain
area (S/Si) distributions by the grain equivalent diameter were plotted for more than 500 grains in each
state, where S is the map area and Si is the area of the grains within the i-th interval.

Grain shape was characterized by the Nx/Ny, the aspect ratio parameter corresponding to the
ratio between the number of HAB intersections with vertical (Nx) and horizontal (Ny) secant lines in
the transverse and longitude sample sections, respectively. The dislocation density was measured by
means of two methods, i.e., EBSD and X-ray diffraction (XRD). The EBSD technique allows to define
only geometrically necessary dislocation (GND) density [24], whereas XRD measured total dislocation
density, including GNDs and statistically stored dislocations (SSDs). As a first-order estimate, the
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kernel average misorientation (KAM), which is retrieved directly from EBSD data, was chosen as a
measure for the local misorientations. KAM gives the average misorientation around a measurement
point with respect to a defined set of nearest and second-nearest neighbor points. The GND density
was calculated from the local misorientations, using the option of the OIM software for the angles
smaller than 2◦. Standard preset for fcc crystal-type slip systems was used in the software set-up.
For the calculation of KAM, we considered the slip in (111) crystallographic planes and four possible
slip systems along four close-packed <110> directions. We computed the GND density, using the
experimental data on the misorientation angle. Additional details regarding GND density calculation
can be found elsewhere [25]. The calculation was done for each map pixel, taking into account the data
for five nearest neighbors. Orientation gradient was determined as the misorientation between two
points over the corresponding length [26].

XRD spectra were collected with a Philips X’Pert powder diffractometer (Malvern Panalytical
Ltd., Almelo, The Netherlands), operating in the Bragg–Brentano geometry with the Cu-Kα emission
line. The background pattern was calculated by the X’pert HighScore software (Malvern Panalytical
Ltd., Malvern, UK). The irradiation area had the dimensions of 5 mm in width and 1 mm in length.
This made it possible to obtain XRD spectra from three different locations of the sample along the shear
direction (SD) in the longitudinal rod section.

Parameters of the XRD peak profiles, i.e., peak intensity and full width at half maximum, were
fitted by the Pseudo-Voigt function. The mean diameter of the crystallites (size of coherently scattering
domains) and micro-strain have been estimated from the diffraction peak broadening, including
reflections up to (420), in a modified Williamson–Hall method [27]. It is known that in the case of the
random distribution of dislocations, the total dislocation density ρ can be defined as [28,29]:

ρ =
2
√

3
〈
ε2

hkl

〉1/2

Dhklb
, (2)

where Dhkl is crystallite size, < ε2
hkl >

1/2 is the mean squared micro-strain value, and b is the absolute
value of the Burgers vector.

SEM Zeiss LEO1530 at the acceleration voltage of 20 kV coupled with energy-dispersion
spectrometry (EDS) was used for the elemental analysis of the samples.

To enhance the spatial and angular resolution of the OIM analysis we carried out the investigations
using the FEI Tecnai F20 transmission electron microscope (200 kV) with field emission gun, equipped
with the system for automated crystal orientation mapping in the TEM (ACOM-TEM) [30]. For the
mapping we used the μ-probe set-up with a beam diameter of ~1–1.5 nm and step size of 5 nm.

A Buehler Micromet-5104 tester was used for the Vickers hardness measurements. A load of
0.2 kg with a dwell time of 15 s was applied to all samples during the hardness measurements. Five
indentations spaced 1 mm apart were made along two mutually perpendicular diameters of the
specimens. The average value of each measurement was computed from 10 indentations.

Tensile tests were carried out at ambient temperature at a strain rate of 1 × 10−3 s−1, using a Zwick
Z100 screw-driven testing machine on cylinder-shaped samples with twist holders (Figure 2b). The
tensile samples were machined from the three HPTE-processed billets along the extrusion direction in
accordance with ASTM E 8/E 8M-08 requirements.

3. Results

3.1. Microstructure in the Central Area

The OIM analysis was performed for the central, mid-radius, and edge areas of the samples,
previously processed by HPTE in v1w1 regime and the corresponding OIM maps are shown in Figure 3.
Grains displaying different crystallographic orientations are indicated by different colors, according
to the standard stereographic triangle in the pole figure. Corresponding histograms of the grain
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size distribution and a GB misorientation distribution from the OIM maps are shown in Figure 3.
Microstructure parameters, i.e., grain size at respective boundary misorientation threshold (D3 and
D15), average misorientation angle (Θav), the HABs volume fraction (VHAB), twin boundaries volume
fraction (Vtwin), second-phase particles’ size (dp) and their volume fraction (f ), are given in Table 1.

Figure 3. OIM maps from (left) transverse and (right) longitude sections of the sample areas at (a) the
center; (b) the mid-radius; and (c) the edge, after HPTE.

The D15 grain size distribution in the transverse section of central area was bimodal with two
maxima, at 16.7 μm for coarse grains and at 1.2 μm for fine grains (Figure 4a). These two fractions had
a specific area ratio of 1:3. Grain size distribution in the longitude section was of a lognormal type. For
this section the average grain size of 1.4 μm matched the histogram maximum (Figure 4b).
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Figure 4. D15 grain size distribution by the grains specific area (S/Si) after HPTE in the (a) transverse
and (b) longitude sample sections.

According to the EBSD data, the GB misorientation histograms were bimodal in both sample
sections, with one maximum being close to 2◦ in the low angle range, and a second one at 47◦–48◦ in
the high angle range (Figure 5).

Figure 5. GB misorientation distributions after HPTE in the (a) transverse and (b) longitudinal
sample sections.

In the central part, the HABs volume fraction in the longitudinal cross-section was larger than
that of the transverse cross-section (41% vs. 25%, see Table 1 and Figure 5a,b). This difference in the
volume fraction can be explained by the grain morphology, i.e., the coarse grains were elongated in
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the transverse section, containing numerous LABs (Figure 3a). The grain size that was determined at
the 3◦ (D3) boundary misorientation threshold was 0.8 μm in both cross-sections, whereas D15 in the
longitudinal section was four times smaller than that in the transverse section (refer to Table 1). Due to
this difference in the D15 value, the volume fraction of HABs in the longitudinal section was larger
than that in the transverse section.

3.2. Microstructure in the Mid-Radius Area

In contrast to the inhomogeneous microstructure observed in the central part of the processed
sample, the grain structure in the mid-radius area was rather uniform. The average grain size of both
D15 and D3 were significantly smaller than those in the central area (Table 1) and grain morphology
was equiaxed (Figure 3b).

The SEM-BSE images revealed that the volume fraction of the second-phase particles was slightly
smaller than that of the central area. Furthermore, no precipitates in the grains after HPTE were seen
in TEM bright field (BF) images (Figure 6a).

Figure 6. Microstructure of the HPTE Cu in the mid-radius area of the longitudinal section; all the
images are at the same scale. (a) TEM BF image; (b) ACOM TEM OIM map in which LABs (3◦ < Θ <
15◦ are highlighted with white lines) and HABs (Θ > 15◦) are highlighted with black lines; (c) GND
distribution map from ACOM TEM (all GBs are marked with white lines; and (d) EBSD OIM GBs
network (LABs marked with red lines, HABs marked with blue lines).

The BF TEM image shown in Figure 6a also illustrates the grain substructure of copper after HPTE
in the mid-radius area. The majority of triple junctions had contact angles close to 120◦ (Figure 6a,b).
Some grains contained a higher dislocation density compared to that of the adjacent grains, manifested
by the diffraction contrast in the image. In general, the TEM observations were consistent with the
EBSD maps with respect to the grain size values (Table 2).
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Table 2. Vickers hardness (HV), yield strength (YS), ultimate strength (UTS) and elongation to failure
(δ) of CP Cu after HPTE and after some other SPD processing methods.

Process
Parameters

HV YS, MPa UTS, MPa δ, % Source

annealing 75 130 230 31.8 this article
HPTE v1w1 125 370 420 32.0 this article

soft rod ASTM 100 220 >5.0 ASTM B49-17

Free-end torsion
1 revolution 312 333 ~9

[31]
11 revolutions 387 458 ~9
16 revolutions 412 514 ~10

ECAP e = 3 41 382 404 2.1

[8]ECAP e = 18 120 358 415 3.6
HPT 1

2 turn 133 474 512 2.0
HPT 10 turns 127 444 487 4.0

Grain size histograms for transverse and longitudinal sections demonstrated similar lognormal
distributions. The maxima in both distributions corresponded to 0.8–0.9 μm in the transverse and to
0.7–0.8 μm in the longitudinal sections (Figure 4). However, in the transverse section the number of
very small grains, of sizes less than 0.3 μm, was larger than that present in the longitudinal section
(Figure 4). The grain size distribution was broader in the transverse section, with grains in range 3 μm
< D15 < 6 μm, whereas no grains larger than 3 μm were observed in the longitudinal section (Figure 4).
From this, we concluded that the grain structure in copper after HPTE in the mid-radius area was
quite similar both in transverse and longitudinal sections, which was not the case for the sample´s
central area.

From GB misorientation distributions, it can be observed that the volume fraction of HABs in
longitudinal section was higher than that in the transverse one (49% and 33%, respectively, Table 1).
This difference was similar to the difference found in the central area and was most likely due to the
same grain refinement mechanism.

The differences in grain size and grain size distribution provide evidence that in the mid-radius
area the HPTE creates conditions for efficient grain refinement, resulting in smaller grain size than that
in the central area of the sample (Table 1).

Examination of the CP copper microstructure after HPTE in the mid-radius area by means of
ACOM TEM provided additional microstructural details. Grain substructure was examined in detail
using the BF images like that shown in Figure 6a. A typical orientation map is shown in Figure 6b,
whereas a GND spatial distribution is shown in Figure 6c. It should be noted here that twins were
observed inside the ultrafine grains, which is the reason for the characteristic peak at 60◦ present in
the boundary misorientation histogram (Figure 6b). The volume fraction of the twin-type boundaries
was 14% and this value was greater by 5.5% compared to that obtained by the EBSD method (Table 1).
Most probably, this difference could be the result of the different step sizes used in the two methods as
well as by higher spatial resolution in ACOM TEM.

The average thickness of the twins was about 40 nm (Figure 6b), and the average twin size,
estimated using equal circles method, was about 110 nm, i.e., smaller than the measured grain size,
D3 = 250 nm. The nano-size twins and grains less than 50 nm could not be resolved in SEM, using a
50 nm step size. Figure 6a,b shows that a high number of very small subgrains, bounded by LABs, was
present in the HPTE-processed sample. In general, the majority of grains, bounded by HABs (and
marked with blue lines in Figure 6d) contained one or more LABs.

We can see in the ACOM TEM maps (Figure 6b,c) that many twin-type GBs were formed during
the HPTE deformation within the fine grains, in this way dividing them into smaller grains. The GND
density differed significantly in neighboring (sub)grains (Figure 6c), which means that both LABs
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and twin-types GBs provided effective barriers for the dislocation slip and they should be taken into
account in the analysis of possible strengthening factors, in particular Hall–Petch strengthening. Since
the volume fraction of twin boundaries increases from the sample´s center to the edge (Table 1), we
can conclude that twinning was more active at higher strains. From the nano-twins morphology, it is
hypothesized that twinning occurred in the newly formed small grains.

3.3. Microstructure at the Edge of the Sample

Structure at the sample´s edge consisted of ultrafine equiaxed grains (Figure 3c). The average
grain size (D15) in this location was still higher than D3 and it became a bit smaller than that in the
mid-radius area (Table 1).

Grain size distribution histograms for the transverse and longitudinal sections looked similar to
those of the mid-radius area. The distributions were of log-normal type, with a maximum at 0.7 μm
in both sections (Figure 4a,b). GB misorientation distributions show that the fractions of HABs in
transverse and longitude sections were 61 and 79%, respectively. These values were much higher than
the fractions of HABs in both the central and mid-radius areas (Table 1).

3.4. Dislocation Density

From the center to the edge of the HPTE-processed rod, the GND density in copper after HPTE
was 10-times higher when compared to that of the annealed material and it gradually increased from
100 × 1012 m−2 to 130 × 1012 m−2. (Figure 7). Total dislocation density derived from XRD measurements
was higher (150 × 1012 m−2 in the central areas and 300 × 1012 m−2 at the edge, Figure 7), being that
X-ray diffraction data accounted for both GND and SSD.

Figure 7. Dislocation density distribution in the CP Cu rod before and after HPTE.

3.5. Microhardness

In agreement with microstructural observations and dislocation density measurements, the
microhardness of the HPTE-processed copper increased from initial value of 75 HV to 110 HV in the
central area, and to 125 HV at the mid-radius and at the edge of the sample (Figure 8a). It can be seen
that at a distance of ~0.4 R from the center, microhardness reached its saturation value of ~125 HV and
it remained roughly the same up to the specimen edge (Figure 8a).
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Figure 8. (a) Microhardness distribution along the radius and (b) tensile curves of Cu before and
after HPTE.

Therefore, according to the HV data, the Cu rod samples produced by HPTE consisted of two
distinct regions, i.e., an inner and an outer region. There are: (1) a central region that extends up to ~0.4
R = 2.0 mm (corresponding equivalent strain ~8, Figure 8a) with a gradually increasing microhardness;
and (2) an outer region (>0.4 R) with saturated microhardness value of about 125 HV. The tensile test
samples had the gauge diameter of 6.85 mm, sampling both the central area and half of outer area, as
indicated by a vertical line in Figure 8a.

3.6. Tensile Tests

Tensile tests showed that the HPTE method resulted in an increase in the yield strength of Cu by
more than twice that of the initial annealed state (370 MPa vs. 130 MPa) and a significant ultimate
tensile strength enhancement of 430 MPa, with no changes in total elongation (Figure 8b, Table 2).

A rapid strengthening and a short uniform elongation range characterized the stress–elongation
curve of copper after HPTE. A decrease of uniform elongation from ~16% in the annealed state to
~2% after the HPTE deformation was a typical behavior for the materials produced by SPD methods.
However, after the deformation was localized, the elongation to fracture reached 30%, which was two
times higher than post-necking elongation of the annealed copper (Figure 8b).

4. Discussion

The microstructure study demonstrated that the v1w1 regime of the HPTE deformation, carried
out at 100 ◦C, resulted in the formation of a gradient microstructure in CP copper. This is not surprising
since HPTE combines both extrusion and shear deformation modes. The shearing mode gradually
increases from the sample´s center to the edge (Equation (1)). Consequently, the central area of the
HPTE-processed rod is characterized by the presence of a fine-grained structure, whereas in the
mid-radius and edge areas are characterized by an ultrafine-grained structure. Apparently, large grains
were gradually refined with an increasing strain, resulting in an increased fraction of the fine grains, as
shown in Figure 4a. Even in the central area of the HPTE rod the majority of grains (about 80–85%) are
the newly refined grains with the sizes in the range of ~2–5 μm (Figure 3a). In this area, new dislocation
boundaries were actively formed and the difference between D15 and D3 is significant (Table 1).

At a larger distance from the center, the applied strain increased, and the formation rate of new
GBs became slower since both grain sizes, D3 and D15, were practically the same at the mid-radius and
at the edge, indicative of no further grain refinement. This indicates that the saturation of the grain
size refinement was reached, which is typical for other SPD methods [32]. Following grain refinement
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saturation, the misorientations at the already-formed interfaces were growing resulting in an increase
of the HABs fraction (Figure 5). Note that this increase occurred at different rates at different grain
facets and the difference between D15 and D3 still persisted up to the highest strain reached in our
experiment. GB distribution maps like one shown in Figure 6d clearly demonstrate that in all sample
areas, the microstructure is complex, i.e., the LABs and HABs represent an interpenetrated network.
In other words, a crystallite (grain or subgrain) can be simultaneously bounded by high angle and
low angle boundaries. Interestingly, the density of SSD showed an enhanced increase at the edge of
the HPTE-processed sample in comparison with that of GND (Figure 6c). This fact suggests that the
multiplication rate of SSD was higher than their recovery/annihilation rate at the edge (also in the
mid-radius) area, compared to the kinetics of the same processes in the central area. The difference
in density for both kinds of dislocations (GND and SSD) is consistent with the published data [33],
showing that: (i) in well-annealed metallic materials the GND density is 20%–30% lower than the total
dislocation density; and (ii) that both values are strongly correlated.

The microstructure resulting from HPTE processing has similar features with the gradient
microstructure of CP Cu after free-end torsion [31,34]. Nevertheless, several distinctions should be
mentioned here. HPTE provided a more efficient grain refinement compared to that achievable with
free-end torsion. Furthermore, instead of a coarse-grained structure in the center and a fine-grained
structure at the periphery, we observed an FG structure at the center and a UFG structure at the
periphery after HPTE. After HPTE, we observed a more homogeneous grain structure in the entire
sample with no grain elongation, as it was observed after the free-end torsion.

CP Cu samples deformed via the HPTE under the v1w1 regime demonstrated a yield strength
and an ultimate strength close to the corresponding values obtained after the free-end torsion with
strain 1.3 [31]. The elongation to failure of Cu was reduced for more than 1.5 times compared to the
elongation after free end torsion. By contrast, the ductility after HPTE remained at the level of the
annealed state.

The microhardness saturation value of 125 HV is very close to the microhardness of oxygen-free
(OF) copper deformed by HPTE under the v1w1 regime at room temperature [12], and also close to
OF copper microhardness after HPT [8,15] (Table 2). The strength of the HPTE-processed copper is
comparable with that of copper after ECAP, and it is not as high as that after HPT [8].

The change of the microhardness along the radius of the Cu rod cross-section allows to analyze
the contribution of various hardening mechanisms after HPTE in different sample areas (Figure 8a). In
fact, after HPTE treatment the variation of hardness is determined by the distribution of strain in the
sample affecting the dislocation density values and the degree of grain refinement which gives rise to
Hall–Petch hardening [35]. The inhomogeneity of the strain distribution in the HPTE-processed rod
(Equation (1)) leads to the formation of the gradient structure. The tensile sample geometry (Figure 2b)
made it possible to conduct mechanical testing on the sample with gradient structure.

We assume that experimentally obtained strength in CP copper samples after HPTE results from
the following hardening mechanisms: accumulation of dislocations (σρ), Hall–Petch strengthening and
subgrains (σH-P), solid solution strengthening (σSSS), and second-phase particle strengthening (σSPPS).

The contribution of stored dislocations to the yield strength can be estimated using the
Taylor Equation:

σp = αMGb
√
ρ, (3)

where M is Taylor factor, α is a constant, G is the shear modulus, b is the absolute value of the average
Burgers vector, and ρ is the total dislocation density. We can estimate strengthening due to the grain
refinement using the Hall–Petch relation:

σH-P = σ0 + kd−1/2, (4)

where σ0 is the friction stress, k is a constant, and d is the mean grain size in the corresponding sample
area. The sample contained material from central and mid-radius areas. The microstructure in both

30



Metals 2019, 9, 1081

areas is complex because the grains are bounded by both HABs and LABs. Therefore, it is not clear
which GB misorientation threshold and grain size should be used in Equation (3). Prior in-situ TEM
study [36] had shown that in FCC metals with low and middle stacking fault energy, the LABs with
Θ > 3◦ and special GBs provide effective barriers for the dislocation slip. Therefore, we can assume
that the effective grain size, d, in the Hall–Petch equation is equal to D3. In Hall–Petch strengthening
it is also necessary to account for the input from nanotwins. Twin boundaries are the obstacles for
dislocations slip. The volume fraction of twin boundaries was 15.4% and the effective grain size d for
the Hall–Petch strengthening calculation is D3 with twins = 0.25 μm, estimated from several ACOM TEM
maps. This value is smaller than D3 obtained from EBSD maps (0.4 μm, Table 1) due to higher angular
resolution of ACOM TEM technique as previously discussed.

Solid solution strengthening is complex since the solute atoms can interact with dislocations
by the elastic, electrical, short-range and long-range interactions [37]. For the Cu-Al substitutional
solid solution, the elastic interaction is most important. This elastic interaction can be associated
with local short-range mean normal stress. In the linear approximation, the elastic interaction is
assessed as Paierls-Nabarro forces taking into account the atomic radius misfits and alloying element
concentrations [37]. As a result, solid solution strengthening leads to an increase in the friction stress σ0.
Solid solution strengthening for the Cu–Al single crystal was measured experimentally and, depending
on the concentration of Al in solid solution, a linear dependence of the σsss was obtained [38]:

σSSS = M4c
2
3 , (5)

where c is the concentration of Al in the Cu–Al solid solution.
Second-phase particle strengthening was provided by the large (about 1 micrometer in diameter)

particles and it can be calculated using the Orovan’s formula for the non-coherent particles:

σSPPS =
2αMGb

dp
√
π/6 f

, (6)

The parameters (σ0, k, α, G, b) used for computing the various strengthening mechanisms
described above were taken from [22,39,40], whereas the structure parameters D3, ρ, dp, f are given in
Tables 1 and 3.

Table 3. Measured parameters used for the strengthening calculations.

Parameter Initial Value HPTE Center HPTE Mid-Radius

ρ, ×1012 m−2 111 147 211
d, μm 30.0 0.8 0.25

M 3.16 3.15 3.08
dp, μm 6.1 1.2 1.2

f, % 0.17 0.16 0.16
C, at% 0.5 0.6 0.6

As can be seen in Table 4, the calculated contributions from the solid solution and the precipitation
strengthening are small and they provide less than 10% to the YScalc value, while the dislocation
strengthening is 3–4 times higher, which provides ~50% to the YScalc in the initial state and only 20% of
the YScalc in HPTE-processed copper. The low contribution of dislocation strengthening to YScalc in
the HPTE-processed copper is likely related to the elevated temperature of the HPTE processing of
100 ◦C, which promoted recovery of dislocation density. Therefore, the main contribution (~60%) to
the strength of HPTE-processed Cu is due to the GB strengthening via the Hall–Petch mechanism.
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Table 4. Contributions (all are given in MPa) of various strengthening mechanisms in CP Cu before
and after HPTE. The testing sample contained central and mid-radius areas of the rod.

Area σ0 σSSS σSPPS σρ σH-P YScalc * YSM ** YSexp *** HV

initial 30 7.9 3.4 60.7 25.6 127.6 130 750

HPTE
center 30 8.9 17.3 69.8 156.5 282.6

374.6 370
1100

mid-rad 30 8.8 16.9 83.7 224.5 419.3 1250

* YScalc is an arithmetic sum of the contributions from different strengthening mechanisms. ** YSM is the yield
strength calculated by the mixture rule.*** YSexp is the experimental strength after HPTE.

In order to compare the calculated (YScalc) and the experimentally measured (YSM) yield strengths
of the entire HPTE-processed sample we can use the rule of mixture:

YSM = YSCVC + YSMRVMR (7)

where YSC and YSMR are the calculated values of the yield strength of the material from the center
and mid-radius area, respectively (Table 4), and VC and VMR are the volume fractions in these same
areas. According to the microhardness distribution along the radius of the HPTE-processed sample
(Figure 8a), the hardness is low in a narrow area with the radius of 1.2 mm around the rod axis.
Therefore, the volume fraction of this part of the tensile specimen is only 0.12. Consequently, the
majority of the volume fraction is contributed by mid-radius area. The calculated value of YSM = 374.6
MPa is in a good agreement with experimentally measured yield strength of 370 MPa. A part of the
HPTE-processed rod with high hardness and strength values was removed upon machining of the
tensile specimen (Figure 8b). A rapid strengthening and a short uniform elongation range characterized
the stress–elongation curve of copper after HPTE. A decrease of uniform elongation from ~16% in the
annealed state to ~2% after the HPTE deformation is a typical behavior for the materials produced
by SPD methods. However, as the deformation is localized, the elongation to fracture reaches 30%,
which is two times higher than post-necking elongation of the annealed copper (Figure 8b). Such a
behavior is typical for materials with ultrafine-grained microstructure [41–43] and most likely related
to the increased strain rate sensitivity of such materials. Otherwise, the strength of the entire specimen
would be even higher. Therefore, HPTE processing of CP copper provides large elongation to failure
and high strengthening mostly due to the Hall–Petch mechanism. The uniform elongation (~2%) had
not been improved despite the presence of gradient microstructure as proposed in [7]. Most likely, this
approach could not be realized in the HPTE-processed copper because both central and outer layers
were sufficiently strengthened, and the material demonstrated tensile behavior similar to that of the
homogeneous UFG materials.

5. Conclusions

1. It was shown that HPTE equipment can be used to produce CP Cu rods combining both high
strength and large elongation to failure.

2. HPTE under the v1w1 regime provides the formation of a gradient structure with fine-grained
microstructure close to the rod axis and ultrafine-grained microstructure in the rest of the rod.

3. Tensile behavior of the CP copper after HPTE with gradient structure is similar to that of the CP
copper after SPD techniques providing a homogeneous structure.

4. The strength of the gradient HPTE Cu sample follows the rule of mixture.
5. The main contribution to the strength of copper processed by HPTE at 100 ◦C is GB strengthening

via Hall–Petch mechanism. Low angle boundaries and nanotwins serve as effective obstacles
for dislocation slip and they should be taken into account regarding the grain size in
Hall–Petch equation.

6. The potential of the HPTE method for obtaining a high strength in bulk structural materials was
demonstrated. Similar strength properties were found earlier after conventional HPT treatment;
however, HPT cannot produce bulk materials required for industrial use.
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Abstract: The addition of Nd significantly improves the mechanical properties of magnesium alloys.
However, only limited amounts of Nd or other rare earth (RE) elements should be used due to their
high price. In this study, a low-alloyed Mg–1% Zn–1% Nd (ZN11) alloy was designed and processed
by hot extrusion and subsequent equal-channel angular pressing (ECAP) in order to achieve a very
fine-grained condition with enhanced strength. The microstructure, texture, and mechanical properties
were thoroughly studied. The microstructure after 8 passes through ECAP was homogeneous and
characterized by an average grain size of 1.5 μm. A large number of tiny secondary phase precipitates
were identified as ordered Guinier–Preston (GP) zones. Detailed analysis of the Schmid factors
revealed the effect of the texture on deformation mechanisms. ECAP processing more than doubled
the achieved yield compression strength (YCS) of the ZN11 alloy. Significant strengthening by ECAP
is caused by grain refinement and the formation of ordered Guinier–Preston zones and particles of a
secondary γ-phase.

Keywords: magnesium; severe plastic deformation; equal-channel angular pressing; microstructure;
deformation tests; texture; schmid factor

1. Introduction

Magnesium materials usually have very low density and high specific strength. The intended
applications of lightweight magnesium products are primarily in the automotive or aerospace
industries [1]. The addition of alloying elements determines the fundamental properties of the alloys.
In our study, we focused on Mg–RE–Zn alloys, namely a Mg–Nd–Zn alloy.

Zn is often utilized as an alloying element in magnesium alloys, because it can improve mechanical
properties of Mg alloys by solid solution strengthening [2]. However, for practical purposes in structural
parts, the strength and fracture toughness of binary Mg–Zn alloys should be further improved, including
at elevated temperatures [3]. It has been reported that rare earth (RE) elements can improve the
tensile properties of Mg alloys both at room temperature and at elevated temperatures [4]. Even a low
additional content of Nd can result in significant increases in hardness and yield strength of ternary
Mg–Zn–Nd alloys after adequate thermal treatment [3]. The increase in hardness and strength is caused
by the formation of plate-shaped Guinier–Preston (GP) zones and Mg3Nd phases [5]. The addition of
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Zn to Mg–RE alloys decreases the required concentrations of RE additions for achieving mechanical
properties similar to binary Mg–RE alloys. This is beneficial for the adoption of RE-containing Mg
alloys in industrial applications (such as the automotive industry) since RE elements are relatively
expensive [6]. Yang et al. studied the mechanical properties and microstructure of Mg–4.5 Zn–x Nd
(x = 0, 1, and 2 wt.%) alloys, and the best mechanical properties were obtained in the alloy with smaller
amounts of Nd (1 wt.% of Nd) [3]. We also considered Nie’s thorough review in which he showed that
increased content of Zn (>1.3 wt.%) in Mg–Nd–Zn alloys can cause detrimental effects on the possible
precipitation hardening [7]. Therefore, the presented study focuses on low-alloyed magnesium alloy
ZN11 (Mg–1 wt.% Zn–1 wt.% Nd).

Solid solution strengthening and precipitation hardening are very effective and important in
all magnesium alloys. Additionally, grain boundary strengthening is capable of further improving
mechanical properties. Severe plastic deformation techniques are very useful methods for preparing
ultrafine-grained materials.

Equal-channel angular pressing (ECAP) is a severe plastic deformation (SPD) technique based on
repetitive simple shear. The facility for ECAP is comparatively simple and it is easily scaled-up to
produce materials with reasonably large dimensions [8]. Various magnesium alloys were successfully
prepared by ECAP, and the obtained microstructures were ultrafine-grained or even nanostructured
(depending on the ECAP process parameters, especially ECAP temperature, and on the processed
material—the amount and type of alloying elements and previous thermo-mechanical treatments) [9–11].
Zhao et al. investigated Mg–3.0Nd–0.4Zn–0.5Zr alloy, prepared by integrated extrusion and ECAP,
and an ultrafine-grained microstructure with an average grain size of ~0.5 μm was obtained [12].
Zhang et al. prepared a Mg–2.0Nd–0.2 wt.% Zn alloy by friction stir processing, which resulted in
grain refinement to ~2 μm [13]. Analogous grain refinement to the grain size of ~2 μm was achieved
by Dvorský et al. in a similar Mg–3.0Nd–0.5Zn alloy, processed by hot extrusion only [14].

Properties of low-alloyed Mg–Nd–Zn alloys processed by the SPD method have not yet been
properly studied.

In this contribution, the low-alloyed magnesium alloy ZN11—prepared by extrusion and
ECAP—was investigated with a focus on microstructure, texture, secondary phases, and
mechanical properties.

2. Materials and Methods

The experimental magnesium alloy ZN11 (Mg–1 wt.% Zn–1 wt.% Nd) was cast in
Helmholtz-Zentrum Geesthacht, Germany, and extruded at 400 ◦C, with an extrusion ratio of 30 and a
crosshead speed of 1 mm/s. Bars with the cross-section 10 × 10 mm2 were machined from the extruded
rod. Samples with a length of 10 cm were processed by ECAP, with the die having the inner angle
of 90◦, following route BC [15]. The processing temperatures and pressing speeds for ZN11 after
extrusion are shown in Table 1. Each pass of the ECAP process was performed at the lowest possible
temperature, because deformation temperature has a very strong effect on the resulting microstructure
and mechanical properties, as was shown in the AX41 magnesium alloy by Krajňák et al. in [16]
and for other materials [17–22]. Note that further decrease of the processing temperature would lead
to occurrence of cracking and billet segmentation. Four conditions were investigated in this study:
as-extruded (EX) condition, and conditions after one pass through ECAP (1P), four passes (4P), and
eight passes (8P).

Table 1. ECAP (Equal-Channel Angular Pressing) procedure parameters of the investigated alloy.

ECAP Pass Number 1 2 3 4 5 6 7 8

Processing Temperature (◦C) 340 330 320 310 300 290 280 280
Pressing Speed (mm/min) 5 7 10 10 10 10 10 10
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The microstructure of all samples was investigated by scanning and transmission electron
microscopy (SEM, TEM). An SEM Zeiss Auriga Compact (Zeiss, Oberkochen, Germany), equipped
with an EDAX electron backscattered diffraction (EBSD) camera (EDAX Inc., Mahwah, NJ, USA),
was used for the investigation of the grain structure. EBSD analysis was performed with a scan size
of 400 × 400 μm2 and a step size of 0.4 μm in the case of the extruded sample, and a scan size of
100 × 100 μm and step size of 0.1 μm in the case of the samples processed by ECAP. The raw data were
partially cleaned in OIM TSL software (EDAX Inc., Mahwah, NJ, USA) using one step of confidence
index (CI) standardization and one step of grain dilatation. Note that only points with CI > 0.1 were
used for calculations. Analysis regarding occurrence of twinning in the pre-deformed sample was
performed by in-built feature in OIM TSL software. Only one type of twin, tension twin

{
1012
} 〈

1011
〉

(the misorientation angle between the matrix and the twin–86.4◦ around 〈a〉-axis), was observed.
TEM JEOL 2200FS (JEOL USA Inc., Peabody, MA, USA), operating at 200 kV, was used for secondary
phase analysis. Samples for EBSD measurements and thin TEM discs were mechanically prepared
and subsequently ion-polished using a Leica EM RES102 (Leica Microsystems GmbH, Wien, Austria).
The texture of the initial as-extruded condition was investigated by an X-ray PANalytical XPert MRD
diffractometer (XRD) (Malvern Panalytical Ltd, Grovewood Road Malvern, UK). CuK radiation and
polycapillaries in the primary beam were employed during the measurements. The full pole figures
were calculated using MTEX software (TU Chemnitz, Chemnitz, Germany) [23].

Mechanical properties were studied using the Vickers microhardness measurement and
compression and tensile deformation tests. Microhardness measurements were performed by a Qness
Q10 device (Qness GmbH, Colling, Austria) with a load of 0.5 kg (HV 0.5) for 10 s. Microhardness was
measured on a cross-section plane. More than 100 experimental points (indents) were evaluated
for each specimen. Compression and tensile deformation tests were performed using a universal
testing device (Instron 5882, Instron, Coronation Road, Buckinghamshire, UK). Compression tests
were performed on cuboid specimens with the aspect ratio of 2:3 (4 × 4 × 6 mm3). The samples were
machined with the deformation axis parallel to the extrusion direction (ED), normal direction (ND) and
transverse direction (TD), see Figure 1. Note that compression tests along ND and TD were performed
only for the 8P sample. Tensile deformation tests were performed only for the 8P sample along ED.
Bone-shaped flat samples with a rectangular cross-section of 4 × 1.4 mm2 and a gauge length of 10 mm
were machined. At least three samples for each combination of deformation axis, deformation direction
and materials condition were tested. Finally, the true stress–strain curves were calculated from the
engineering stress–strain curves (see [24], for example).

Figure 1. Mutual orientation of the equal-channel angular pressing (ECAP) die and the billet.

3. Results

3.1. As-Extruded Condition

The initial, as-extruded, microstructure of the investigated alloy was studied by EBSD, TEM, and
XRD. Figure 2a shows the EBSD orientation map revealing the grain structure of the material. It is
clear that extrusion resulted in a significant grain refinement, and the formation of a homogeneous,
fully recrystallized microstructure. The grain size—determined as the average value weighted by the
area fraction—was ~11 μm.
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The presence of small secondary phase particles is clearly seen in the TEM micrograph in Figure 2b.
Many grain boundaries are decorated by small particles in a necklace-like formation. Local chemical
analysis and selected area electron diffraction confirmed that the particles are stable γ-phase Mg3

(Nd, Zn), face-centered cubic (FCC) structure, Fm3m, with a = 0.70 nm [7]. The size of the γ-phase
particles varied from ~100 nm to 1 μm. In addition, Figure 2b discloses that the grain interiors are
almost strain-free.

XRD measurement was performed to acquire information about the texture formation during
the extrusion. Extrusion of magnesium alloys usually leads to the formation of the typical

(
1010

)
fiber texture, which is often strong (explained theoretically by Mayama et al. [25]). However, Figure 3
shows that the texture observed in the investigated ZN11 alloy was completely different. This kind of
texture has already been observed in Mg–RE alloys after extrusion, and is referred to as “rare earth
texture” [26]. In the investigated sample, this texture component is weak, and is represented by grains
which have their c-axis tilted from ED by approximately 45◦.

  

Figure 2. (a) Electron backscattered diffraction (EBSD) orientation map and (b) transmission electron
microscopy (TEM) micrograph of the as-extruded (EX) sample (cross-section).

 
Figure 3. X-ray diffractometer (XRD) pole figures of the EX sample (cross-section).

3.2. Microstructure after ECAP

Significant grain refinement was observed in specimens processed by an increasing number of
ECAP passes. The corresponding EBSD orientation maps of 1P, 4P, and 8P samples are shown in
Figure 4a–c, respectively. As is typical for many other Mg alloys, the first pass resulted in the formation
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of a non-homogeneous microstructure. Grain refinement occurred particularly along the former grain
boundaries, and large grains were heavily deformed, as manifested by the variation of colors in
individual grains. The large grains of up to 20 μm in diameter were surrounded by small grains with a
size of 3 μm. Increasing strain imposed on the material by successive ECAP passes resulted in the
higher degree of refinement, and ultimately in the homogenization of the microstructure. The average
grain size determined in the 4P and 8P samples was ~2.6 and ~1.5 μm, respectively.

Figure 5 shows the pole figure measured in the 8P sample. The texture exhibits the typical basal slip
component, which corresponds to grains with c-axes tilted by 45◦ from the ED. However, a significant
volume fraction of grains was oriented with the c-axis perpendicular to the processing direction. As a
result, the basal slip texture component reached a texture strength of only ~9. Note that the texture
strength of this component was found to be more than 15 in low-alloyed Mg alloys without rare earth
elements [27,28].

   

Figure 4. EBSD orientation maps of (a) 1P sample, (b) 4P sample, and (c) 8P sample (cross-section).

 

 

Figure 5. EBSD pole figure of the 8P sample (cross-section).

TEM investigation of the microstructure of specimens after different numbers of ECAP passes is
consistent with the grain refinement observed by EBSD (compare Figures 6 and 7 with Figure 4a–c).
In contrast to the as-extruded condition, the distribution of secondary phase particles in the ECAPed
specimens was rather homogeneous, that is, they are distributed both along grain boundaries as well
as in grain interiors. The size of the particles did not significantly change during the ECAP straining.
Interestingly, significant residual strain was observed in the 8P sample (see Figure 7a). Moreover,
higher magnification shows that the magnesium matrix contains also a large number of tiny secondary
phase precipitates (see Figure 7b). They were identified as ordered Guinier–Preston (GP) zones (hcp,
a = 0.556 nm, monolayer (0001)α disc) and their presence has already been reported elsewhere [7].
It should be noted, however, that these GP zones were not observed in all grains of the 8P sample.
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Figure 6. TEM images of (a) 1P sample and (b) 4P sample.

  

Figure 7. TEM images of (a) 8P sample and (b) detail of ordered Guinier–Preston zones.

3.3. Mechanical Properties

A significant change in the microstructure after ECAP alters the mechanical strength of the
investigated material. In this report, we investigated microhardness as a multiaxial loading as well as
compression/tensile tests as a uniaxial loading.

The resulting microhardness measurements shown in Table 2 reveal that the mechanical strength
increased with the increasing number of ECAP passes, and in the final condition (8P), the microhardness
was 1.5 times higher than in the as-extruded condition. Additionally, the yield compression strength
(YCS) determined from flow curves (shown in Figure 8a) increased more rapidly (see Table 2). The YCS of
the 8P sample was roughly 2.4 times higher than in the case of the as-extruded condition. The differences
in the microhardness evolution and the evolution in ultimate tensile strength in uniaxial loading are
usually caused by the changes in texture. The flow curves of all samples deformed in compression
exhibited an S-shape character, which indicates the activation of twinning [29]. Moreover, the sharp
yield point was observed in the 8P sample, which is quite unusual in magnesium-based materials.
In order to reveal the possible effect of texture, compression tests in two mutually perpendicular
directions (ED, transverse direction (TD)) were performed, and a tension test was performed along the
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processing direction (ED). The resulting flow curves are shown in Figure 8b. The tensile curve did not
exhibit the S-shape character, suggesting that twinning does not occur in tension in the processing
direction (ED). However, the strain anisotropy was very low despite the different characters of the
flow curves.

Note that unlike ED flow curves, the flow curves along TD and normal direction (ND) did not
exhibit the sharp yield point. In order to reveal the microstructural changes that led to the appearance
of the sharp yield point, EBSD was performed on a sample deformed to 4% of plastic deformation
along its ED. The resulting EBSD parent matrix/twin map is shown in Figure 9. The microstructure is
heavily twinned, and the twinned grains are aligned in stripes declined by ~45◦ from the loading ED.

Table 2. Results of mechanical tests.

Sample
Microhardness

(HV)
Yield (Compression) Strength (YCS)

(MPa)
σmax (MPa)

ZN11
EX 48 ± 1 96 ± 5 268 ± 9

ZN11 1P 52 ± 1 117 ± 6 322 ± 16
ZN11 4P 63 ± 1 201 ± 8 348 ± 28

ZN11 8P 75 ± 2
230 ± 15 (compression) 377 ± 22 (compression)

218 ± 14 (tension) 335 ± 20 (tension)

Figure 8. True stress–true strain compression curves of (a) all investigated conditions measured along
the processing direction (extrusion direction (ED)) and (b) of the 8P sample measured in ED, normal
direction (ND), and transverse direction (TD), see Figure 1.

 
Figure 9. Parent/twin map calculated from EBSD, measured on a longitudinal section of the 8P sample,
deformed in compression up to 4% of plastic deformation. Loading direction is horizontal. (Blue color
corresponds to parent grains, red color corresponds to twins.)
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4. Discussion

The as-extruded condition exhibited a fully recrystallized and homogeneous microstructure with
relatively small grains and weak texture. Comparable texture was previously observed in the same
alloy [30] and also in the binary Mg–Nd alloy [31], and is directly connected with the presence of the
rare earth elements in the material. TEM investigation revealed that the secondary phase particles are
mainly formed along the grain boundaries and belong to the stable γ-phase. Their inhomogeneous
distribution probably resulted from the slow cooling rate after the extrusion.

Processing by ECAP resulted in additional grain refinement. Homogeneous microstructures
with an average grain size of 1.5 μm were achieved after eight passes of the ECAP, which is common
for similarly processed magnesium alloys [27,28,32–35]. However, the studied ZN11 alloy showed
enhanced strength despite the comparable grain refinement. As mentioned above, the measured
increase in microhardness was by a factor of 1.5, while YCS increased by a factor of 2.5. A larger
relative effect on yield stress than on microhardness is rather common; however, note that the initial
material has a different grain structure in different studies [27,28,32,36]. Therefore, the effect of the
processing on the enhanced microhardness can be analyzed with the use of the Hall–Petch (HP) plot
shown in Figure 10.

 
Figure 10. Hall–Petch plot showing the dependence of the microhardness on (grain size)−1/2. (Grain
size was calculated from the average density of grain boundaries in the case of bimodal grain size
distribution.)

The HP plot has a linear character, which indicates the grain boundary validity of the Hall–Petch
relation for the studied processed samples. However, the HP slope coefficient calculated from Figure 10
was ~50 HV.μm1/2, which is a higher value than in the Mg–Al–Zn- and Mg–Al–RE-based alloys processed
similarly [28,37]. Due to lower alloying, the studied alloy has lower microhardness in its coarse-grained
condition, and the effect of grain refinement is enhanced. Additionally, other strengthening mechanisms
may act concurrently with the grain refinement. For instance, dislocation density observed in the 8P
sample was significant, contrary to the previously studied alloys in [28,37]. Furthermore, TEM analysis
showed that ECAP processing of the studied alloy caused the formation of GP zones. Consequently,
the higher HP coefficient can be explained by the synergic effect of these three phenomena acting
together. However, the contribution of each strengthening factor cannot be differentiated from the
investigated samples.
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On the other hand, the increase in YCS was significantly higher than the increase in microhardness.
This discrepancy can be explained by the texture evolution after ECAP. Note that the formation of the
“rare earth texture” after the extrusion causes texture softening during uniaxial deformation along
the extrusion direction [30]. A high volume fraction of grains had their c-axis rotated ~45◦ from the
processing direction. Therefore, the activation of a basal slip system during uniaxial deformation
along the extrusion direction is significantly facilitated. Figure 11a,b shows calculated distributions of
the Schmid factor (SF) for all major deformation mechanisms for both extrusion and 8P conditions,
when loaded in compression along the processing direction. The calculation was performed in MTEX
software from raw EBSD data [23]. The SF for each point and each deformation mode was calculated
and the resulting histograms were plotted.

A relatively sharp distribution of the SF for basal slip, with a maximum at SF = 0.5, turned to broad
distribution, with maximum at SF = 0 after ECAP. It should be stressed that this texture development in
the investigated alloy is quite uncommon compared to other Mg alloys. Usually, the initial as-extruded
condition has a sharp

(
1010

)
fiber texture, causing low values of SF for basal slip but high values of

SF for twinning. ECAP processing results in the formation of a sharp and strong basal slip texture
component, representing grains having their c-axis rotated by ~45◦ from all major axes. Consequently,
significant texture softening occurs, which usually overwhelms grain boundary strengthening [27,28].
Therefore, the reason for the significantly higher increase of YCS as compared to HV values in the
investigated alloy is the different texture evolution during ECAP. In magnesium alloys, the texture is
typically formed during ECAP by the pronounced activation of a basal slip, or by combined activation
of basal and non-basal slip systems [28,32]. The texture development in the investigated alloy can be
explained according to the recently reported model on a ZN12 alloy. It was shown that a prismatic
slip system has a relatively high activity during the hot rolling of the ZN12 alloy, and its effect on the
texture is maintained by retarded recrystallization kinetics [38]. High activity of prismatic slip systems
during ECAP causes a rotation of grains with their c-axis perpendicular to the processing direction (for
details, see [28], for example). Consequently, significant grain boundary strengthening is even more
promoted by the texture strengthening resulting from the processing.

However, a high volume fraction of grains having their c-axis perpendicular to the processing
direction is favorable for the activation of tensile twinning during compression along the processing
direction. This is also clearly visible in Figure 11b, where the distribution of the SF for tensile twinning
is shown as well. High activity of twinning during the compression test also explains the formation of
the sharp yield point in the ED-curve. It was shown previously that the formation of twin bands in the
microstructure (Figure 9) can cause a drop in stress [39]. In order to compare changes in the deformation
direction with the calculated SF for twinning, see Figures 11 and 12, which prove unambiguously that
the probability of activation twinning in tension is significantly inferior to that in compression.

(a) (b) 

Figure 11. Schmid factor (SF) distribution calculated for major deformation mechanisms during the
compression loading along the ED of (a) as-extruded sample (EX) and (b) 8P sample.
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[

 
Figure 12. Schmid factor distribution calculated for major deformation mechanisms during the tensile
loading along the ED of the 8P sample.

5. Conclusions

Low-alloyed magnesium alloy ZN11 was processed by hot extrusion and ECAP. The microstructure,
texture, and mechanical properties were studied in detail and the main results can be summarized
as follows:

The microstructure of the sample after 8 ECAP passes is fine-grained (with an average grain
size of 1.5 μm) and contains significant residual strain and a large number of tiny secondary phase
precipitates, which were identified as ordered Guinier–Preston zones.

The mechanical strength increased with an increasing number of ECAP passes. In the specimen
after 8 ECAP passes, the microhardness was 1.5 times higher than that of the as-extruded condition.
However, the yield compression strength (YCS) increased more rapidly. The YCS of the 8P sample was
roughly 2.4 times higher than that of the as-extruded condition.

The effect of texture on deformation mechanisms was studied and Schmid factors were calculated.
Measurements and calculations exposed the significant activity of tensile twinning

{
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}

during
compression loading in the ED, whereas work-hardening predominantly mediated by slip activity was
observed during tensile loading in the extrusion direction.
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28. Minárik, P.; Král, R.; Čížek, J.; Chmelík, F. Effect of different c/a ratio on the microstructure and mechanical
properties in magnesium alloys processed by ECAP. Acta Mater. 2016, 107, 83–95. [CrossRef]
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Abstract: The potential of ultrasonic surface mechanical attrition treatment (SMAT) at different
temperatures (including cryogenic) for improving the fatigue performance of 304L austenitic stainless
steel is evaluated along with the effect of the fatigue loading conditions. Processing parameters such as
the vibration amplitude, the size, and the material of the shot medias were fixed. Treatments of 20 min at
room temperature and cryogenic temperature were compared to the untreated material by performing
rotating–bending fatigue tests at 10 Hz. The fatigue limit was increased by approximately 30% for both
peening temperatures. Meanwhile, samples treated for 60 min at room temperature were compared
to the initial state in uniaxial fatigue tests performed at R = −1 (fully reversed tension–compression)
at 10 Hz, and the fatigue limit enhancement was approximately 20%. In addition, the temperature
measurements done during the tests revealed a negligible self-heating (Δt < 50 ◦C) of the run-out
specimens, whereas, at high stress amplitudes, temperature changes as high as 300 ◦C were measured.
SMAT was able to increase the stress range for which no significant local self-heating was reported on
the surface.

Keywords: surface mechanical attrition treatment (SMAT); ultrasonic shot peening (USP); cryogenic
temperature; 304L austenitic stainless steel; rotating–bending fatigue; tension–compression fatigue

1. Introduction

In the high cycle fatigue regime, cracks mostly nucleate at the surface of the loaded workpiece.
Therefore, the surface or near-surface features such as surface roughness and residual stresses affect the
fatigue life of a component. The surface roughness has an influence essentially at the crack initiation
stage [1]. Indeed, the presence of surface irregularities leads to high local stresses, which may create
a high amount of plastic deformation locally, eventually contributing to crack-type defect creation
depending on the intrinsic behavior of the studied material. Furthermore, the presence of residual
stresses may affect the crack propagation behavior [2]. While a tensile stress loading promotes crack
opening and faster propagation, the introduction of compressive residual stresses can delay or stop
crack propagation with the consequence of increasing the total fatigue life of mechanical components.
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In this context, plastic deformation treatments such as burnishing [3], laser shock-peening [4,5],
or hammering [6,7] were used on stainless steels to delay early fatigue crack initiation and growth and
increase part performance.

In addition, surface mechanical attrition treatment (SMAT) and ultrasonic shot peening (USP)
were used to impart severe plastic deformation (SPD) at the surface of components. The effects
of SMAT and similar kind of surface severe plastic deformation techniques on the surface and
near-surface microstructure modifications and associated mechanical properties were reviewed in
several papers [8–12]. It is noticeable that positive effects on the fatigue behavior were observed on
different materials such as Fe- [13–15], Ti- [16], or Mg-based [17] alloys. In some cases, the use of these
treatments pushed the initiation site underneath the peened surface, thus enhancing the fatigue limit
significantly [18,19]. At the same time, the peening energy also strongly influences the treated surface
roughness [20] and integrity, which can decrease the fatigue resistance of the components in spite of
the nanostructured surface layer and higher compressive residual stresses [16,21,22].

The fatigue resistance of 316L austenitic stainless steels was enhanced by nearly 30% (from 300 to
380 MPa) due to the presence of a superficial refined microstructure delaying crack initiations and a
high compressive residual stress impeding crack propagation [13].

The effect of SMAT treatments on the fatigue behavior of the 304L was investigated at room
temperature (RT), as well as elevated temperature, by Kakiuchi et al. [23]; the shot-peened specimens
exhibited higher fatigue strengths than the untreated ones at both RT and 300 ◦C. By decreasing
or removing the surface topology induced by severe shot peening through a repeening or grinding
process, the fatigue life of a shot peened low-alloyed steel can be further improved as shown in the
work of Bagherifard et al. [20].

The idea of practicing cryogenic SMAT on 304L comes from the fact that some Fe–Ni–Cr austenitic
stainless steels, such as 304L, are metastable and undergo stress- or strain-induced martensitic
transformations through severe plastic deformation. Accordingly, the volume fraction of martensite
in the SMAT samples increases at lower temperatures [24–26]. Although no definitive explanation
was given for the influence of martensite (α’) prior to the cyclic loadings [27], its presence is usually
reported to be beneficial regarding tensile strength [28]. Also, for a given SMAT processing condition,
the use of cryogenic temperature was shown to decrease the surface roughness [25,26], a modification
that may result in improved fatigue performance.

In this context, the present paper has two major goals: (i) to investigate the effect of lowering the
SMAT temperature on the fatigue behavior of a 304L stainless steel, and (ii) to analyze differences that
may exist between rotating–bending and fully reversed uniaxial tension–compression fatigue tests on
a 304L stainless steel.

2. Materials and Methods

2.1. Sample Preparation and Surface Treatments

Prior to machining, the 304L cylindrical specimens were fully annealed at 900 ◦C for 40 min
resulting in an average grain size of approximately 40 μm. The fatigue behavior was studied under
rotating–bending (RB) and tension–compression (TC) tests. For RB, 6-mm-diameter samples with
a gauge length of 25 mm were machined and ground in order to remove the grooves generated by
the machining procedure. For TC, 9-mm-diameter samples with a gauge length of 12.5 mm were
machined and then polished to a mirror finish. The SMAT was carried out using a machine developed
by SONATS company (Carquefou, France) [29]. The samples were treated using a vibrating amplitude
of 60 μm with ø2 mm 100Cr6 steel shots. For rotating–bending, the SMAT was carried out for 20 min
at two temperatures: (i) at room temperature (RT), or (ii) under cryogenic conditions (CT) at about
−100 ◦C. For tension–compression samples, SMAT was done for 60 min at room temperature.
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2.2. Fatigue Tests

Samples were tested in two loading conditions, rotating–bending (RB) and tension-compression
(TC). For RB, the fatigue behavior was studied with a loading frequency of 10 Hz and a load ratio of
R = −1, in air, at room temperature using an R. R. Moore rotating–bending fatigue test bench (Instron,
Norwood, MA, USA). The fatigue limit was estimated from the highest stress amplitude at which no
failure occurred up to 106 cycles.

For TC, fully reversed tension–compression (R = −1) fatigue tests were carried out with a loading
frequency of 10 Hz, in air, at room temperature on an 810 MTS (MTS systems, Eden Prairie, MN, USA)
servo-hydraulic machine equipped with a dynamic loading cell with a maximum capacity of ±100 kN.

2.3. Sample Characterizations

The specimen surface aspect was observed using an LEXT OLS4000 confocal microscope (Olympus,
Tokyo, Japan), and the Rq surface roughness parameter was measured using a Mitutoyo SJ-400 probe
(Mitutoyo, Kawasaki, Japan). The surface and subsurface hardening states were analyzed on a
cross-section using a microhardness test with a measurement step of 50 μm. Phase identification (γ
austenite and α’ martensite) was done by EBSD (Electron Back-Scattered Diffraction) technique on
specimen cross-sections in order to link the hardening state with the observed microstructural features.

On the RB samples, the surface residual stresses were evaluated using a Proto iXRD X-ray
diffraction apparatus (PROTO Manufacturing Inc., Taylor, MI, USA), operating under a 20 kV tension
and a 3 mA intensity, before cyclic loading, as well as after fatigue tests on the run-out samples. Two
X-ray wavelengths were used to measure the residual stresses in each phase: (i) a chromium tube
(CrKα = 2.291 Å) for the {211} α’ martensite, and (ii) a manganese tube (MnKα = 2.103 Å) for the {311}
austenite. Residual stresses were calculated by the classical sin2 ψmethod [30].

On the TC samples, the surface residual stresses were evaluated with a Pulstec μ-X360 X-ray
diffraction equipment (Pulstec, Hamamatsu, Japan) operating under a 30 kV tension and a 1.5 mA
current. A chromium tube (CrKα = 2.291 Å and CrKβ = 2.085 Å) was selected for the measurements,
and the cosα method [30] was used for the calculation of residual stresses in both γ and α’ phases
before and after fatigue tests.

In order to quantify the self-heating of the specimens during TC tests, a few samples were painted
with black heat-resistant paint to allow a good emissivity, and their surface temperature was measured
using an Infratech infrared camera (Infratech, Kennesaw, GA, USA).

Testing conditions and surface treatments used are summarized in Table 1.

Table 1. Summary of all testing and surface treatment conditions with their associated designations.
SMAT—surface mechanical attrition treatment.

Testing
Condition

Rotating–Bending, Air, Room Temperature, 10 Hz,
R = −1 (RB)

Tension–Compression, Air, Room
Temperature, 10 Hz, R = −1 (TC)

Surface
Treatment
Condition

Ground
(G)

SMAT for 20
min at room
temperature
(20 min RT)

SMAT for 20 min at
cryogenic

temperature
(20 min CT)

Polished
(mirror finish)

(P)

SMAT for 60
min at room
temperature
(60 min RT)

Fatigue
Sample’s

Name
RB_G RB_20 min RT RB_20 min CT TC_P TC_60 min RT

3. Results

3.1. Surface Modifications

Several representative examples of the surface topology, as well as their respective measured
roughness values, are displayed in Figure 1. Despite a low roughness resulting from the surface
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grinding (Rq = 0.32 μm), some machining grooves still remained visible on the surface of the RB_G
samples (Figure 1a). These grooves were completely removed after 20 min of SMAT at RT (Figure 1b)
but not completely for the cryogenic treatment (Figure 1c). Both types of peening conditions induced a
considerable increase of the surface roughness (from 0.32 to 3.42 and 1.97 μm). However, SMAT for 20
min at CT significantly reduced the surface roughness compare to the SMAT for the same duration
at RT; a reduction of 42% can be noticed (Figure 1c). This is consistent with previous studies [26],
which showed that, as the material becomes harder at low temperature, the steel beads impacting
the specimen surface generate less pronounced craters. The effect of SMAT is also visible for the TC
specimens (Figure 1d,e). Due to mirror-finish polishing, the TC_P samples exhibited an extremely low
roughness (Rq = 0.022 μm). The surface aspect of the SMAT for 60 min at RT sample (Figure 1e) was
rather similar to the one obtained after 20 min (Figure 1b), except that the longer peening duration
generated a reduction in roughness of about 50% (Rq = 1.755 μm).

 
Figure 1. Observation of the lateral surface of cylindrical samples with their corresponding Rq

roughness values: (a) ground condition, (b) after surface mechanical attrition treatment (SMAT) for 20
min at room temperature, (c) after SMAT for 20 min in cryogenic condition and (d) polished condition,
and (e) after SMAT for 60 min at room temperature.

The hardness values are plotted as a function of the depth for different samples in Figure 2. The
horizontal black dotted line defines the initial hardness (210 HV). The SMAT treatment increased the
surface and subsurface hardness for all treatment duration and temperature conditions; maximum
hardness value was located near the treated surface followed by a gradual decrease toward the
specimen core until it reached the initial material hardness. The profile of the curve for the cryogenic
treatment had some specific characteristics. Compared to the 20 min room temperature treatment, the
use of cryogenic temperature substantially increased the hardness along the first 200 μm, while the
hardness was comparatively lower at higher depths. In addition, if the hardened depth is defined as
the depth at which the initial hardness of the material is reached, one can see that this depth was 30%
lower for the sample treated at CT than for the two other conditions.

The EBSD maps (Figure 2b) show that a large amount of martensite was formed in the CT
specimen, whereas this phase is hardly detectable in the sample treated for 20 min at RT. The crossover
between the hardness evolution curves (seen in Figure 2a) corresponds to the depth at which the
martensitic phase transformation was triggered in the CT processed sample (i.e., about 200 μm below
the surface).
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It is also interesting to highlight the fact that increasing the RT treatment time from 20 to 60 min did
not drastically modify the hardened depth (~500 μm) but increased the maximum subsurface hardness
by approximately 20%. Ultimately, the same top surface hardness value as for the CT treatment
(~550 HV) was achieved.

Figure 2. (a) Hardness measurements done on a cross-section of the (i) rotating–bending (RB)
specimens treated at room temperature (RT; red) and under cryogenic conditions (CT; blue), and (ii)
tension–compression (TC) specimens tested at RT (orange) (0 μm corresponds to the outer surface of
the sample). (b) Corresponding EBSD band contrast maps with α’ martensite distributions.

3.2. Fatigue Properties

The Wohler curves associated with the three conditions and both types of cyclic loadings are
shown in Figure 3. After 106 cycles, if failure did not happen, the tests were considered to be run-out
tests and a horizontal arrow is attached to them on the graph. Squares are used for rotating–bending,
and circles denote tension–compression. Full symbols illustrate the untreated samples, whereas hollow
symbols are used for room temperature SMAT and crossed hollow symbols are used for cryogenic
treatments. Except for RB_20 min CT (due to the lack of data), the Stromeyer expression (1) [31] was
chosen to fit the experimental results and the constants obtained are given in Table 2.

σa = σD +
( c

N

)( 1
m )

, (1)

where σD is a value determined from the experimental data, c and m are fitting parameters, σa is the
stress amplitude, and N is the number of cycles. Nonlinear least squares curve-fitting following a
Levenberg–Marquardt algorithm was used to determine c and m.

As can be seen in Figure 3, a similar trend was found between RB_G and TC_P, and, as reported
in Table 2, the fatigue limits of the initial material were 250 MPa in rotating–bending and 205 MPa
in tension–compression, representing a −18% difference. The effect of SMAT on the fatigue life of
304L was not the same depending on the considered fatigue life range; it is more pronounced in the
high cycle fatigue regime than in the low cycle one. After SMAT, a rather high increase of the fatigue
limits was obtained, the improvements being +28% in RB and +17% in TC. Even though the phases
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distributions, microstructures, hardness gradients, and residual stresses were different in RB_20 min
RT and RB_20 min CT samples, their fatigue behavior was almost identical. Also, the obtained m
parameter was significantly higher for the SMAT conditions compared to the initial states due to the
smooth form of their S–N curves.

σ

Figure 3. S–N curves obtained at 10 Hz for (i) RB_G (filled black squares), RB_20 min RT (hollow red
squares), and RB_20 min CT (crossed hollow blue squares) treated specimens, and for (ii) TC_P (filled
gray circles) and TC_60 min RT (hollow orange circles) samples.

Table 2. Estimated fatigue limits and fitted constants c and m of Stromeyer expression (1).

Testing Condition σD (MPa) c m

RB_G 250 1.360 × 106 1.231
RB_20 min RT 320 2.225 × 107 2.060
RB_20 min CT 320 - -

TC_P 205 8.756 × 105 1.218
TC_60 min RT 240 2.208 × 106 1.715

3.3. Surface Residual Stresses

The values of the axial surface residual stresses measured before and after fatigue tests (on
non-broken specimens) are compared in Figure 4. The residual stress on the surface of the RB_G sample
was approximately −400 MPa (compression) showing that, before SMAT, rather high compressive
residual stresses were created by machining followed by grinding, as in the work of Velásquez et al. [32].
After SMAT, the magnitude of the compressive residual stresses was significantly enhanced. However,
the temperature at which the SMAT was done only slightly increased the residual stresses, +10% for
the γ austenite and +3% for α’ martensite, compared to the SMAT done at RT. It is interesting to note
that higher residual stresses were reached in α’ martensite than in the γ austenite (approximately
200 MPa more in martensitic phase than in the austenitic one) which may be attributed to the difference
in Young’s modulus of these two phases, as explained in the work of Spencer et al. [28].

For polished TC specimens, due to the fact that the first stages of polishing were similar to
grinding in terms of removing the top surface layer, the measured compressive residual stress (−340
MPa) was almost as high as for the ground RB specimens, and no martensite was detected. For the TC
sample treated by SMAT for 60 min, no austenite was found, and only the characteristic {211} plan
of α’ martensite diffracted, which resulted in a measured residual stresses value of −920 MPa. The
magnitude of the residual stresses was significantly higher after 60 min of RT SMAT (TC sample) than
after 20 min (RB samples).
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γ
γ

α
α

Figure 4. Measured residual stresses in the longitudinal direction on the sample surfaces done by X-ray
diffraction. Different colors and textures were used to illustrate austenite or martensite and pre- or
post-cycled measurements.

Concerning the residual stresses after rotating–bending fatigue, the comparison of the fine and
spare textured bars in Figure 4 clearly indicates that the residual stress relaxation after fatigue loading
was rather pronounced in the austenitic phase of the SMAT samples (30% and 60% for the RB_20 min
RT and RB_20 min CT samples, respectively) but quite limited for the RB_G sample (only a few tens of
MPa). The extent of the relaxation for the samples treated by SMAT at cryogenic temperature was
much more pronounced than in the RT processed ones, and this applied to both phases. Indeed, for
the RB_20 min CT sample, the relaxations were roughly twice those recorded for the RB_20 min RT
sample. Decreases of −58% and −36% were measured, respectively, in the austenitic and martensitic
phases for the RB_20 min CT, while they were only −28% and −18% for the RB_20 min RT condition.

For the tension–compression fatigue tests, a high relaxation of the residual stresses occurred
in the austenitic phase of the polished sample (about −75%), and a diffraction peak of martensite
was indexed after 2 × 106 cycles at a stress amplitude of 207 MPa. For the sample treated at RT for
60 min, approximately half of the residual stress was relaxed in run-out tests, leading to a very similar
measured value compared to the initial state run-out specimens.

Finally, a rather large error bar can be seen on the graph for the α’ martensite, formed during
fatigue loading of TC_20 min RT. The reason is that the amount of martensite was low, and the
number of diffracting planes was not high enough to ensure a good confidence on the residual stress
measurement. All other measurements showed an acceptable error level.

3.4. Fracture Surfaces

Fracture surfaces of different samples that underwent a similar number of cycles to failure
(~5 × 104 cycles) were investigated, and different initiation and propagation mechanisms were observed
depending on the type of loading and surface treatment.

For instance, under rotating–bending, as shown in Figure 5a–c, all samples exhibited multiple crack
initiation spots. These spots corresponded to surface initiation sites for all the tested conditions, and
one example of the RB_20 min TC sample is displayed in Figure 6a. After initiation, these cracks could
grow simultaneously, culminating in ductile fracture of the sample. This crack propagation behavior
was the same for samples both with and without SMAT. Comparatively, under tension–compression
loading, for the polished condition, not so many initiation spots were visible, and the main section
reduction resulted from the propagation of a single crack (Figure 5d). After SMAT, the TC_60 min
RT sample exhibited multiple initiation sites (Figure 5e), but only one main crack (initiation zone
highlighted in red) propagated substantially into the core of the sample. It seems that this crack
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initiated at the surface (as shown in Figure 6b) and that, after a certain number of cycles, the crack
propagation path changed between the SMAT-affected sub-surface and the core of the specimen,
leading to a water drop-shaped zone on the fracture surface (Figure 5e). Higher-resolution fracture
surface analyses are needed to gain a better insight into the crack propagation behavior in both the RB
and TC samples, because it is more reasonable to address fatigue damage assessment by estimating
fatigue crack growth rates.

Figure 5. Typical fracture surfaces of (a) ground sample tested in rotating–bending, (b) sample tested
in rotating–bending after 20 min of SMAT at room temperature, (c) sample tested in rotating–bending
after 20 min of cryogenic SMAT, (d) polished samples tested in tension–compression, and (e) sample
tested in tension–compression after 60 min of SMAT at room temperature.

3.5. Self-Heating

During cyclic loading, self-heating of the specimens may occur, depending on the stress amplitudes
and strain rates imposed during each cycle, which may introduce a high amount of plastic deformation.
The temperature measurements showed that the self-heating was homogeneous in the middle of the
gage section of the run-out samples. For the broken samples; however, a localized and sharp increase of
temperature was observed before the final breakdown. Typical chronograms from these measurements
are plotted in Figure 7a, and a temperature variation of almost 50 ◦C can be observed before rupture
(see red curve). The maximum homogeneous temperature values as a function of the applied stress
were measured for samples tested in TC (see Figure 7b). The maximum surface temperature evolution
with the applied stress amplitude followed an almost linear trend for both polished and 60 min of
SMAT at RT conditions. In the fatigue limit stress range, the polished samples (~205 MPa) exhibited a
maximum measured temperature of approximately 50 ◦C, whereas, for 60 min RT SMAT (~245 MPa),
this value was higher than 100 ◦C. Nevertheless, the measured temperature values for the highest
stress amplitudes were comparable: 320 ◦C for the initial state loaded at 260 MPa and 280 ◦C for the
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treated samples loaded at 275 MPa. After SMAT, in order to obtain the same level of self-heating,
15% higher stress amplitudes were required.

 

Figure 6. Secondary electron SEM pictures of surface initiation sites of (a) sample tested in
rotating–bending after 20 min of cryogenic SMAT (corresponding to Figure 5c), and (b) sample
tested in tension–compression after 60 min of SMAT at room temperature (corresponding to Figure 5e).

 
(a) 

(b) 

σ

Figure 7. (a) Typical self-heating chronograms measured during TC loading, for breaking samples (in
red) and run-out samples (in blue). (b) Maximum stabilized temperature as a function of σa.
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4. Discussion

Consistently with the results from the literature [13,15,23], the use of SMAT was found to be an
efficient way to increase the fatigue resistance of the 304L stainless steel. Enhancements of 28% and 17%
were observed in rotating–bending and tension–compression, respectively. Nevertheless, self-heating
of the specimens during testing was not anticipated. The temperature evolutions with applied load
presented in Figure 7b show almost linear trends with similar positive slopes for both polished and
SMAT samples. In the case of the polished samples, a good accordance with the fatigue results obtained
on 316 LN stainless steel by Tian et al. [33] can be noted, especially around 260 MPa where the number
of cycles to failure and self-heating values were very similar. Also, for the low stress amplitudes related
to the endurance limit, such as 200 MPa and 207 MPa, the maximum surface temperature measured
during the fatigue tests was less than 70 ◦C, representing a self-heating that did not exceed 50 ◦C. After
SMAT, the same level of self-heating required a 15% higher applied stress amplitude, confirming the
difference of cyclic plastic strain accumulation between the SMAT and the untreated samples for the
same applied stress amplitude. Indeed, the surface strain-hardening generated by SMAT pushed the
onset of the plasticity at the surface to a higher stress range and delayed the generation of significant
self-heating. Regarding the thermal exposure during the tests, the work of Kakuichi et al. [23] showed
that the exposure to 300 ◦C during rotating–bending fatigue at high and low stress amplitudes does
not relax the surface residual stresses of a 304L sample ultrasonic shot-peened at room temperature.
This would mean that the observed self-heating mainly behaves as a mechanical property reducer
and that the key factor governing the residual stress relaxation is the introduction of supplementary
plastic strains.

Meanwhile, the presence and magnitude of residual stresses also play a role in RB and TC fatigue
behavior and, as shown in Figure 4, different residual stresses values were measured before and after
fatigue tests at the surface of specimens. Before fatigue, the different residual stress states are directly
linked to the different studied conditions, whereas, after fatigue, relaxations depend on several testing
parameters such as the type of loading or the applied stress amplitude. For example, it was shown in
Figure 4 that the residual stress relaxation in austenite for the ground specimen after rotating–bending
fatigue was only approximately −10% compared to −75% for the tension-compression testing condition.
For the same level of stress amplitudes, due to the stress gradients during RB tests, plastic strains can
mainly be introduced at the surface region of the specimen, whereas the whole volume of the TC sample
can accommodate plastic strains during TC tests, resulting in more residual stress relaxation. The
initial residual stresses can also favor the onset of plasticity, especially when significant compressive
residual stresses are present in a part that is mechanically loaded at R = −1. The stress applied during
the compressive stage of a fatigue test is added to the residual stress, reaching the material elastic
limit at or below the surface, resulting in the relaxation of the residual stresses. Both elements can
justify the specific behavior in the tension–compression testing condition. At this stage, the sequence
of these different mechanisms is not known, as only surface residual stress relaxations were evaluated
before and after the tests. Further investigations of the residual stress gradient evolution during fatigue
loading are needed to better explain the behavior of the processed part during fatigue tests. Such
an investigation will contribute to understanding when, how, and in which way the residual stress
gradients relax during fatigue testing, finally providing a better idea of the role of the residual stresses
in the fatigue behavior of 304L stainless steel treated by SMAT.

Concerning the comparison of untreated RB with untreated fully reversed (R = −1) TC fatigue
tests, the gradient in the applied load within the specimens in RB is commonly used to explain a lower
fatigue limit (approximately −10%) in TC [34]; however, in this study, a decrease of −18% of the fatigue
limit was observed. The volume effect of the tested samples can be considered to explain this difference.
Indeed, the samples tested in RB had a gauge of 6 mm in diameter and 25 mm in length, whereas the
TC ones had a diameter of 9 mm with a length of 12.5 mm. Pogorestskii et al. [35] showed that, for
40Kh steel loaded in four-point rotating–bending, larger gauge length and diameter had a detrimental
effect on the fatigue limit, and they defined two different coefficients: −0.18 MPa/mm for the length
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and −4.4 MPa/mm for the radius. If similar behavior can be considered for the 304L stainless steel, an
increase of 3 mm in diameter and a decrease of 12.5 mm in length would result in an overall decrease
of approximately 5 MPa for the RB fatigue limit. The difference in fatigue limit between RB and TC
would consequently be reduced to −15%, which is very similar to the −14.9% or the −11.9% proposed
by Palin-Luc et al. [36] on 30NCD16 and XC18 steels, respectively.

For the SMAT conditions, a decrease of approximately −25% of the fatigue limit in TC compared to
the RB one was obtained in Table 2 (from 320 to 240 MPa). This difference was significantly larger than
for the initial state and could be due to the difference in treatment duration and resulting microstructure
and mechanical property gradients. Similarly to the work of Sun et al. [37], one can consider that,
after SMAT, the obtained functionally grade material behaves like a composite material composed of a
SMAT-affected layer and a bulk core. Considering that the mechanical properties are proportional
to the hardness, and by using a simple mixing law, the fatigue limit enhancement by SMAT can be
determined as follows:

Enhancement [%] =

(
fSMAT ×HVSMAT + fbulk ×HVbulk

HVbulk
− 1
)
× 100, (2)

where fSMAT is the volume fraction of the SMAT-affected layer and HVSMAT is its mean hardness,
where fbulk = (1− fSMAT) and HVbulk = 210 (as shown in Figure 2a). The data used for the calculation
and the obtained estimations are summarized in Table 3. The differences in diameter and hardened
depth led to a higher fraction of SMAT-affected layer in the case of RB_20 min RT (16%) than the two
other conditions (11.3% for RB_20 min CT and 11.8% for TC_60 min RT). Nevertheless, the difference
of mean hardness in the SMAT layer resulted in similar fatigue limit estimations (~267 MPa) for both
RB conditions and a lower value for TC (~220 MPa). The estimated fatigue limits were compared to
the experimental ones, and the respective errors were calculated.

Table 3. Different SMAT conditions with their respective affected volume fraction, mean hardness, and
corresponding measured and estimated fatigue limits.

Testing
Condition

Sample’s
Diameter

(mm)

SMAT
Affected

Depth (mm)

fSMAT
(%)

HVSMAT
(HV)

Estimated
σD (MPa)

Measured
σD (MPa)

Error
(%)

RB_20 min RT 6 0.5 16 298.7 266.9 320 −16.6
RB_20 min CT 6 0.35 11.3 345.3 268.2 320 −16.2
TC_60 min RT 9 0.55 11.8 330.8 219 240 −8.8

It is worth remembering that the effect of residual stresses and their variation during fatigue tests
were not taken into account here. This approximation underestimates the fatigue limit enhancement
by SMAT for all tested conditions. As shown in Table 3, the error of approximation was two-fold
higher in RB than in TC. Even by considering the differences in sample geometry and hardening
state resulting from the treatment conditions, a difference remains which can only be explained by
the loading condition difference. An explanation can be that the most solicited area in RB is the
SMAT-affected layer that has enhanced mechanical properties and is under significant compressive
residual stress state. These facts suggest that the effect of SMAT would be more significant in RB.

In the case of rotating–bending, the use of cryogenic SMAT provided the same effect in terms of
fatigue resistance as the SMAT at room temperature. Thus, despite potential beneficial modifications
such as a lower roughness, a higher martensite fraction, and a slightly higher compressive residual
stresses, the use of SMAT at cryogenic temperature did not bring the desired additional improvement.
It is likely that the beneficial modifications induced by CT SMAT were counter-balanced by other
factors linked to the sub-surface or to the surface modifications such as the lower hardness below 200
μm (see Figure 2a) compared to the room temperature treatment. Indeed, as shown in Table 3 for CT
SMAT, the high surface hardness (~520 HV) together with the limited affected depth (~350 μm) led to
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a very similar estimation of the fatigue limit compared to the RT SMAT that was characterized by a
lower surface hardness (~450 HV) and a significantly higher affected depth (~500 μm).

5. Conclusions

Different surface mechanical attrition treatments (SMAT) were used in order to investigate their
effects on the fatigue behavior of a 304L austenitic stainless steel. The metastable nature of this stainless
steel makes it a good candidate for cryogenic treatment. The focus was put on (i) the potential of
cryogenic SMAT treatment, and (ii) the nature of the cyclic loading condition during fatigue tests.

1. The use of SMAT for 20 min at cryogenic temperature (CT) led to a lower roughness, a higher
martensitic fraction, a higher surface hardness, and higher residual stresses in both phases (γ
austenite and α’ martensite).

2. As tested in rotating–bending (RB), the use of SMAT at CT did not bring the expected
potential additional improvement in terms of fatigue. Indeed, the fatigue life enhancement was
approximately 30% for both cryogenic and room temperature (RT) SMAT compared to the initial
ground state.

3. In tension–compression (TC), the use of SMAT at RT for 60 min on polished samples also led to
an increase of approximately 20% of the fatigue limit compared to the initial state. However, the
fatigue limit was found to be significantly smaller than the 20-min SMAT samples tested in RB
(25% less), even if higher hardness and residual stress were reported after treatment. This could
be due to more significant relaxations of the surface residual stresses coupled with sample size
and SMAT-affected volume ratio effects.

4. The primary and secondary cracks were initiated at the surface of the samples, but the observed
crack propagation profiles were different depending on the loading conditions.

5. A negligible homogeneous self-heating (Δt< 50 ◦C) of the specimens tested in tension-compression
at low stress amplitudes was measured, whereas, at high stress amplitudes, much higher local
temperature changes (Δt > 300 ◦C) were measured on the surface of the samples. The SMAT
process was able to delay the onset of these local temperature increases to higher stress amplitude
values (+10%).
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Abstract: Tailoring the morphology and distribution of the Al2Ca second phase is important for
improving mechanical properties of Al2Ca-containing Mg-Al-Ca based alloys. This work employed
the industrial-scale multi-pass rotary-die equal channel angular pressing (RD-ECAP) on an as-cast
Mg-3.7Al-1.8Ca-0.4Mn (wt %) alloy and investigated its microstructure evolution and mechanical
properties under three different processing parameters. The obtained results showed that RD-ECAP
was effective for refining the microstructure and breaking the network-shaped Al2Ca phase. With
the increase of the ECAP number and decrease of the processing temperature, the average sizes of
Al2Ca particles decreased obviously, and the dispersion of the Al2Ca phase became more uniform.
In addition, more ECAP passes and lower processing temperature resulted in finer α-Mg grains.
Tensile test results indicated that the 573 K-12p alloy with the finest and most dispersed Al2Ca
particles exhibited superior mechanical properties with tensile yield strength of 304 MPa, ultimate
tensile strength of 354 MPa and elongation of 10.3%. The improved comprehensive mechanical
performance could be attributed to refined DRX grains, nano-sized Mg17Al12 precipitates and
dispersed Al2Ca particles, where the refined and dispersed Al2Ca particles played a more dominant
role in strengthening the alloys.

Keywords: Mg-3.7Al-1.8Ca-0.4Mn alloy; Al2Ca phase; equal channel angular pressing; refinement;
mechanical properties

1. Introduction

Developing strong and ductile magnesium alloys has been one of the main research areas in the
last twenty years, as they exhibit great potential in aerospace, military, new energy automobile, medical
instrument and electronic applications [1–5]. High strength magnesium alloys with ultimate tensile
strength higher than 400 MPa have already been successfully prepared with the addition of abundant
rare-earth (RE) elements, owing to the intense second phase (precipitate) strengthening effect [6–8].
However, the RE addition impairs the lightweight advantage of magnesium alloys, and increased their
cost as well, making them difficult to use for cost-sensitive industry applications [9–11]. Therefore, design
and preparation of reinforced RE-free magnesium alloys have recently regained people’s attention.

Mg-Al based (AZ series) alloys are one of the most commonly used commercial magnesium
alloy series, whose strengthening precipitate is mainly Mg17Al12 phase [12–14]. Mg17Al12 possesses a
relatively low melting point (730 K) and tends to be softened above 473 K, thereby exhibiting a weak
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strengthening effect, especially at high temperatures [15,16]. In the last few years, the Mg-Al-Ca (-Mn)
alloys, which were employed as typical heat-resistant casting magnesium alloys formerly, have been
researched for high strength wrought Mg alloys. Ultrahigh strength characteristics involving tensile
yield strength exceeding 400 MPa have already been obtained for high-Ca-content Mg-Al-Ca-Mn
alloys [17–21]. However, excessive Ca addition intrinsically deteriorated the ductility of Mg alloys,
whose elongations were always lower than 5%, even after remarkable grain refinement [17–20].
To balance the strength and ductility, Ca content should be decreased in these alloys.

With the increase of Ca content in Mg-Al-Ca alloys, Mg17Al12 phase turns into three laves phases
in sequence, namely, Al2Ca (C15), (Mg,Al)2Ca (C36) and Mg2Ca (C14) phases, respectively [17]. Among
these intermetallic compounds, Al2Ca phase possesses the highest melting point, approximately 1352
K [22]. Studies of the first-principles calculation also proved that Al2Ca phase exhibits the best thermal
stability for the three laves phases [23]. Moreover, Al2Ca phase could form with low or moderate
Ca addition, which might facilitate a maximum combination of strength and ductility. So far, most
Al2Ca-containing magnesium alloys were prepared by hot extrusion, and they usually exhibited
remarkably improved strength [24–26]. Although Al2Ca network phases were crushed after extrusion,
large particles remained and the broken particles were not uniformly distributed within a α-Mg matrix.
As a consequence, local stress concentration was easy to generate at the junctions of brittle second phase
particles and α-Mg matrix during a tensile test, resulting in nucleation and propagation of microcracks
at an early time [19]. Therefore, it is essential to develop an effective method to refine Al2Ca phases
and increase their dispersibility, in order to improve the ductility of these high strength alloys.

Our previous studies have already shown that the multi-pass equal channel angler pressing
(ECAP) is effective to refine large Al-Si particles, and network-shaped second phases in magnesium
alloys [27–33]. As for Al2Ca containing alloys, no attempt of ECAP processing has been reported.
Therefore, in the present work, we prepared an Al2Ca-dominated Mg-3.7Al-1.8Ca-0.4Mn (wt %) alloy
first, and then systematically investigated its microstructural evolution and mechanical properties
under an industrial-scale ECAP processing at three different processing parameters. By refining and
dispersing Al2Ca second phase particles, we successfully prepared a high strength and high ductility
Al2Ca-containing magnesium alloy block.

2. Materials and Methods

The raw materials for preparation of studied Mg-3.7Al-1.8Ca-0.4Mn (wt %) alloy were pure Mg,
pure Al, Mg-30 wt % Ca and Mg-10 wt % Mn master alloys. The designed alloy was prepared by
semi-continuous casting method, with an ingot diameter of 90 mm. Then large cuboid samples with
dimension of 50 mm× 50 mm× 100 mm were cut from the center of the ingot for further industrial-scale
ECAP. To explore the influence of processing parameters on refinement of Al2Ca-containing alloys,
three ECAP routes were proposed, i.e., 4 passes at 623 K, 12 passes at 623 K, and 12 passes at 573 K.
The ECAP die employed was a self-design rotary-die (RD) with die angle of 90 ◦ and outer arc angle of
0◦, which was described detailedly in our previous work [33]. Before ECAP, the sample was inserted
in the die and both were heated and kept at a set temperature for 20 min within an induction heating
furnace. Then multi-pass RD-ECAP were performed successively by an automatic control system
without intermediate heating. This ECAP process is time-saving, and the total processing time for 12
passes was less than 15 min.

Metallographic specimens were then cut from the cast and ECAP specimens, mechanically grinded
by #80, #400, #1000 and #2000 SiC abrasive papers, polished and etched with a 4 mL nitric acid and
96 mL ethanol mixed solution. Then, microstructure characterizations of the alloys were carried out
by the X-ray diffractometer (XRD, Cu-Kα, Bruker D8, DISCOVER, Bruker Corporation, Karlsruhe,
Germany), optical microscope (OM, Olympus BX51M, Olympus, Tokyo, Japan), and a scanning electron
microscope (SEM, Sirion 200, FEI Company, Hillsboro, OR, USA) equipped with an X-ray energy
dispersed spectrometer (EDS, Genesis 60S, FEI Company, Hillsboro, OR, USA). To further identify
various phases, observation of the transmission electron microscope (TEM, Tecnai G2, FEI Company,
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Hillsboro, OR, USA) was conducted. The TEM samples were prepared by mechanical grinding and
ion thinning. To reveal the grain size distributions of ECAP alloys, the electron back-scatted diffraction
(EBSD) analyses were conducted (SEM, Hitachi S-3400N, Hitachi, Tokyo, Japan). Moreover, the average
particle sizes were measured by counting at least 100 particles in three SEM images through the Image-J
software (Image 1.48, NationalInstitutes of Health, Bethesda, MD, USA). To evaluate the mechanical
properties, tensile tests were performed via a CMT5105 electronic universal testing machine (MTS,
Shenzhen, China) with a ram speed of 0.5 mm/min at room temperature. The dumbbell shaped
specimens with gauge dimension of 7.5 mm × 2 mm × 2 mm were cut from the center section of ECAP
samples with the loading direction parallel to the extrusion direction. For each processing situations,
three tensile specimens were employed.

3. Results and Discussions

3.1. Microstructure of As-Cast Alloy

Figure 1 shows the XRD patterns of as-cast alloy and three ECAP alloys. Two phases, α-Mg and
Al2Ca phases, are indexed from the diffraction peaks for all alloys, which suggests no obvious phase
transformation occurs during hot deformation. Since the Ca/Al ratio of this alloy is lower than 0.8,
Al2Ca phase becomes the main second phase [24]. Figure 2a,b show the optical and SEM micrographs
of as-cast Mg-3.7Al-1.8Ca-0.4Mn alloy. Dendritic α-Mg grains and continuous-network interdendritic
second phases (marked by A in Figure 2b) could be observed. Seen from the enlargement of the
network phase shown in Figure 2c, it exhibits a lamellar shape, consistent with the morphology of a
typical eutectic structure. The corresponding EDS result (Figure 2e) reveals high contents of Al and
Ca elements, indicating they could have a Al2Ca + α-Mg eutectic structure. Figure 3 shows the TEM
image of the eutectic structure. Black and white stripes are arranged alternately. The index of the
corresponding selected area electron diffraction (SAED) pattern of the black stripes (inset of Figure 3)
further demonstrates the existence of Al2Ca phase.

Figure 1. X-ray diffractometer (XRD) patterns of as-cast and ECAP-ed alloys.
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Figure 2. Microstructure of the as-cast alloy. (a) Optical image; (b,c,d) scanning electron microscope
(SEM) images and enlargements of (c) the eutectic structure and (d) cubic particle; The corresponding
EDS results of (e) the eutectic and (f) the particle.

Figure 3. Transmission electron microscope (TEM) micrograph of the eutectic structure and the
corresponding selected area electron diffraction (SAED) pattern of the black lamellar phases.

Moreover, some cubic particles (marked by B in Figure 2b) are observed near the eutectic network.
EDS analysis on one particle (Figure 2d) was performed and the result (Figure 2f) suggested that it
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contains much higher Mn and Al elements, which should be Al8Mn5 phase [19]. However, Al-Mn
particles were not detected from the XRD patterns due to the fact that the content is extremely low.

3.2. Microstructure of ECAP Alloys

Figure 4 shows the SEM images of three Mg-3.7Al-1.8Ca-0.4Mn ECAP alloys processed at different
temperatures and passes. Seen from the low-magnification images of Figure 4a,c,e, the continuous
network eutectic structure became distorted after ECAP, and more ECAP numbers and a lower
processing temperature resulted in a finer microstructure and narrower dendrite spacing. Moreover,
as can be seen from the enlarged SEM images of Figure 4b,d,f, the distorted Al2Ca dendritic phases
were broken into ultrafine particles (with particle size lower than 1 μm). However, the average sizes
of broken Al2Ca particles are different in three ECAP alloys. High ECAP numbers refined the Al2Ca
particles from 0.6 μm to 0.5 μm for 623K-4p and 623K-12p alloys, while lower ECAP temperature was
more effective to refine these particles, and the average size of Al2Ca particles was approximately
0.3 μm in 573 K-12p alloy.

Figure 4. SEM images of ECAP alloys processed at (a,b) 623 K-4P, (c,d) 623 K-12P and (e,f) 573 K-12P
with (a,c,e) low and (b,d,f) high magnifications.

To characterize the grain size evolution of studied alloy during ECAP at different processing
parameters, Figure 5 shows the inverse pole figure maps and grain size distribution histograms of
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ECAP alloys along the extrusion direction. The 623 K-4p alloy showed an uneven grain size distribution.
Both coarse and fine grains were identified, suggesting an incomplete dynamic recrystallized (DRX)
microstructure. After 12p ECAP at either 623 K or 573 K, homogeneous grain size distribution was
observed (Figure 5c,d), indicating a high degree of DRX. Furthermore, Figure 6 shows the area fraction
of DRX grains and un-DRX grains in three ECAP alloys. It is apparent that the fraction of DRX grains
in two 12p alloys were much higher than the 4p alloy.

Figure 5. Electron back-scatted diffraction (EBSD) maps and its corresponding grains distributions of
ECAP alloys processed from (a,b) 623 K-4P, (c,d) 623 K-12P and (e,f) 573 K-12P.

Figure 6. Area fraction of the recrystallized and un-recrystallized grains in three ECAP alloys.
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Owing to the high DRX ratios, the average grain sizes of two 12p alloys were smaller than 4p
alloy. The average grain sizes were estimated to be 9.2 μm, 4.3 μm and 3.7 μm for 623 K-4p, 623 K-12p
and 573 K-12p alloys, respectively. It can be seen that higher ECAP numbers and lower processing
temperature contributed to refinement and uniformity of α-Mg grains. Two factors resulted in finer
grains for 573 K-12p alloy. For one thing, lower processing temperature could restrain the migrations
of grain boundaries. For another, fine and dispersedly distributed Al2Ca particles are more effective to
hinder the growth of DRX grains. Figure 7 shows the TEM images of DRX regions in three ECAP alloys.
High density of dislocations and sub-structures were observed in 623 K-4p alloy (Figure 7a). When the
ECAP number increased to 12, the density of dislocations declined obviously, and the boundaries of
DRX grains became distinct, either in 623 K and 573 K processed alloys. Overall, the grain sizes of DRX
grains in these alloys are in good agreement with EBSD results.

Figure 7. Ddynamic recrystallized (DRX) grains and sub-structured in (a) 623 K-4P, (b) 623 K-12P, (c)
573 K-12P alloys.

As can be seen from the Kernel Average Misorientation (KAM) maps shown in Figure 8,
the distribution of dislocation density varied for three ECAP alloys (shown in green and yellow
colors). It is shown in Figure 8a that fine DRX grains and coarse deformation grains were mixed in
623 K-4p alloy. Plenty of dislocations existed within coarse deformed grains, while fine DRX grains
had little dislocations within, because the operation of DRX consumed dislocations. After increasing
ECAP number to 12, more DRX fine grains and less deformation grains suggested a lower density
of dislocations (Figure 8b). Moreover, compared with Figure 8b,c, it can be concluded that lower
temperature processing led to stronger strain accumulation for ECAP alloys at the same pass (shown
in green color).
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Figure 8. Kernel Average Misorientation (KAM) maps of alloys processed by (a) 623 K-4P, (b) 623
K-12P and (c) 573 K-12P.

Figure 9 shows the inverse pole figures of three ECAP alloys. A typical fiber texture (i.e., c-axes
perpendicular to the extrusion direction) was formed for 623 K-4p alloy, and its maximum texture
intensity was 2.40 (Figure 9a). Increasing processing number to 623 K, the orientations (c-axes) of
grains exhibited a tendency to be parallel to extrusion direction, and the maximum intensity was 4.89
(Figure 9b). With the decrease of processing temperature to 573 K, the maximum texture intensity
declined to 2.80. Similar texture evolutions have also been found in other recrystallized Mg-RE and
AZ series magnesium alloys [34,35].

Figure 9. Inverse pole figures of ECAP alloys processed from (a) 623 K-4P, (b) 623 K-12P and
(c) 573 K-12P.
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Figure 10 exhibits the TEM observation of Al2Ca second phase in three deformed alloys. In early
ECAP passes at 623 K, lamellar Al2Ca eutectic phase was partially broken into fine particles, as can be
seen from the Al2Ca laths and particles shown in Figure 10a,b, respectively. Since Al2Ca is a brittle
phase, its refining mechanism is more like a mechanical crushing process. Therefore, the crush of
Al2Ca eutectic phase was incomplete and uneven owing to the low deformation strains at low ECAP
pass. When the ECAP number was increased to 12, the Al2Ca phase broke thoroughly into submicron
particles (Figure 10b,c), though they were still aggregated.

Figure 10. TEM images of Al2Ca phase particles in (a,b) 623 K-4P, (c) 623 K-12P and (d) 573 K-12P alloys.

Furthermore, TEM observations demonstrated that abundant nano-sized precipitates were
observed within un-DRX α-Mg grains (including sub-grains) of all ECAP alloys (Figure 11), while
the density of precipitates was relatively low in DRX grains. These precipitates were dynamically
precipitated during hot deformation, which was commonly observed in Mg-Al-Ca based alloys. Most
of the precipitates had a spherical shape (marked by yellow arrows), and a few exhibited rod shapes
(red arrows). Seen from Figure 11a, the diameters of these spherical precipitates were around 5–15 nm
in 623 K-4p alloy. With increased ECAP numbers, the density of precipitates increased for 623 K-12p
alloy, and both rod-like and spherical precipitates were observed. The rod-like precipitates are usually
larger than spherical particles, exhibiting a diameter of 20–30 nm and a length of 30–60 nm. After
12 passes of ECAP at 573 K, precipitates with diameter of 10–20 nm were also detected (Figure 11c),
and the precipitation density was the highest for three deformed alloys. Furthermore, Figure 11d
shows the corresponding SAED patterns of the precipitates. The diffraction patterns exhibit near-ring
characteristic, and index of the diffraction rings demonstrates that the precipitates are Mg17Al12

phases. The Mg17Al12 precipitates are usually reported in AZ91 alloys [36]. As for Mg-Al-Ca alloys,
Al2Ca phase served as the main precipitates during hot deformation or aging in most cases [24],
and precipitation of Mg17Al12 particles was barely reported. Taking into account the alloy composition
and microstructure of this studied alloy, most Ca elements were concentrated within the eutectic phases,
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and Al elements were more inclined to be enriched in some grains, which caused the precipitation of
Mg17Al12 phases under the interaction of heat and strain during multi-pass ECAP.

Figure 11. TEM micrographs of the precipitates in (a) 623 K-4P, (b) 623 K-12P, and (c)573 K-12P alloys,
as well as (d) the corresponding SAED patterns of the precipitates.

3.3. Microstructure of ECAP Alloys

Figure 12 shows the tensile mechanical properties of as-cast and ECAP alloys. The as-cast alloy
possessed low mechanical properties with tensile yield strength (TYS) of 70 MPa, ultimate tensile
strength (UTS) of 161 MPa and poor ductility (elongation of 5.1%). After the ECAP process, all
samples exhibited a remarkable improvement in both strength and ductility. Generally, an increase
in the ECAP numbers improved the strength and ductility simultaneously, while decreases in ECAP
temperatures further enhanced the alloy, but impaired the ductility slightly. The 573 K-12p alloy
showed the highest strength, with TYS of 304 MPa and UTS of 354 MPa, together with a moderate
ductility. In addition, by comparing with other commercial Mg alloys and Mg-RE based alloys
prepared by ECAP (Figure 12c) [27–32,37–39], this 573 K-12p alloy exhibits a relatively high specific
yield strength, which is comparable to those Mg-RE ECAP alloys with high RE contents. Overall, this
non-RE low-alloying ECAP alloy with refined and dispersed Al2Ca particles exhibits great potential as
high performance magnesium alloys.

Figure 13 shows the SEM fractograph of as-cast and ECAP alloys after tensile tests. Seen from
Figure 13a, many laminated cleavage steps appear on the fracture surface of the as-cast alloy, suggesting
a brittle fracture. Owing to the large eutectic structures at grain boundaries, microcracks tend to be
formed around the eutectic, which leads to early break and poor ductility of the as-cast alloy. After
ECAP, a few dimples and laminated cleavage steps are observed on fracture surface of 623 K-4p alloy
(Figure 13b), indicating a mixed fracture mechanism. As for two 12p alloys (Figure 13c,d), although
the fracture surfaces become fine and flat, some cleavage steps still exist.
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Figure 12. Mechanical properties of Mg-Al-Ca-Mn alloys. (a) Typical tensile curves of as-cast and
ECAP alloys; (b) The summary of yield strength (YS), ultimate tensile strength (UTS) and elongation of
various alloys; (c) Comparison of specific yield strength and elongation between this work and other
high performance ECAP Mg alloys [27–32,37–39].

Figure 13. SEM images of fracture surfaces of (a) As-cast, (b) 623 K-4P, (c) 623 K-12P and (d) 573 K-12P
alloys. Insets of the images are the corresponding enlarged micrographs.

3.4. Influence of Al2Ca Size and Distribution on Mechanical Properties

Based on above tensile results, it can be confirmed that multi-pass ECAP is beneficial for improving
the mechanical properties of an Al2Ca-containing alloy. Considering the microstructural evolutions,
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the improved strength of ECAP alloys could be mainly ascribed to three factors, i.e., refined DRX grains,
dynamically precipitated Mg17Al12 precipitates, and dispersed Al2Ca particles. To quantitatively
describe the contributions of various strengthening factors, Table 1 lists the characteristic parameters
of DRX grains and second phase particles.

Table 1. Microstructural characteristics of ECAP-ed alloys.

Microstructural Characteristics 623 K-4P 623 K-12P 573 K-12P

Grain (μm) 9.2 ± 1.9 4.3 ± 1.5 3.7 ± 1.2
Al2Ca (μm) 0.6 ± 0.2 0.5 ± 0.2 0.3 ± 0.1

Ribbonlike Al2Ca arm spacing (μm) 17 ± 4 11 ± 2 8 ± 2
Mg17Al12 (nm) 12 ± 4 22 ± 7 14 ± 6

Mg17Al12 volume fraction (%) 2.5% 6.7% 6.1%

The contribution of fine grain strengthening could be estimated from the Hall-Petch equation:

σy = σ0 + kd−0.5, (1)

where σy is yield strength, σ0 is material constants, k is Hall-Petch slope and d is grain size. The value
of k was employed as 170 MPa·μm1/2 on the basis of average grains in this work [40]. Accordingly,
the contribution of grain refinement strengthening on tensile yield strength could be estimated to be 55
MPa, 97 MPa and 105 MPa for 623 K-4p, 623 K-12p, and 573 K-12p alloys, respectively.

In case of Mg17Al12 nano-particles precipitated at grain internal, they could pin dislocation
movement and strengthen the alloy by Orowan strengthening mechanism [41]. The increment of YS
associated with Mg17Al12 particles have already been given in an early report [41], and the equation is
shown in Equation (2).

ΔσOrowan = β
0.4umb

π
(
d
√
π/4 fv − 1

) ln(d/b)√
1− vm

, (2)

where β is constant (1.25), μm is shear modulus (16.5 GPa), b is Burgers vector (0.32 nm), d is the average
size of Mg17Al12, fv is the volume fraction of Mg17Al12, and νm is Poisson ratio (0.35). Moreover, is
should be noticed from above TEM observations that the nano-sized Mg17Al12 particles were most
dynamically precipitated in the un-DRX grains, and they were seldom seen in DRX grains, which
has also been reported in other Mg-Al-Ca-Mn alloys [19]. Therefore, we assumed that the Orowan
strengthening mechanism caused by Mg17Al12 precipitates is only activated in un-DRX grains, and it
could be calculated by the following equation:

ΔσMg17Al12 = (1− fDRX)ΔσOrowan, (3)

where fDRX is the volume fraction of DRX grains showed in Figure 6.
As long as the strengthening caused by grain refinement and Mg17Al12 precipitates was estimated,

the rest of strengthening effect should be caused by the Al2Ca second phase strengthening, and it is
calculated by Equation (4),

ΔσAl2Ca = σYS − σCast − σHall−Petch − σMg17Al12, (4)

where σYS is the tested tensile yield strength of ECAP alloys, and σCast is the tested tensile yield
strength of cast alloy.

Figure 14a displays the quantitative contributions of grain refinement, dynamic precipitated
Mg17Al12 precipitates and dispersed Al2Ca second phase particles, to TYS values of three ECAP
alloys. It is apparent that for 623 K-4P and 12p alloys, fine grain strengthening plays a more important
role than other two strengthening factors. With the dispersion of Al2Ca phase in 573 K-12p alloy,
the strengthening contribution of the Al2Ca phase exceeds the other two factors. To intuitively describe
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the strengthening effect of a dispersed Al2Ca second phase, Figure 14b shows the relationship between
ΔσAl2Ca and the distance of ribbonlike Al2Ca arm spacing [42]. It is obvious that with the decrease of
Al2Ca arm spacing, the contribution of the Al2Ca phase increases remarkably. Therefore, to further
improve the mechanical properties of Al2Ca containing Mg-Al-Ca-Mn alloys, additional effort should
be focused on the refining and dispersion of Al2Ca second phase particles.

Figure 14. (a) The contributions of various strengthening factors to tensile yield strength of ECAP
alloys. (b) The relationship between the ribbonlike Al2Ca arm spacing and the contribution of Al2Ca
particles to tensile yield strength of ECAP alloys.

4. Conclusions

The microstructure evolutions and mechanical properties of a Mg-3.5Al-1.7Ca-0.4Mn (wt %) alloy
during ECAP at different processing numbers and temperatures were systematically investigated.
The main conclusions can be drawn as follows:

(1) The microstructure of as-cast Mg-3.5Al-1.7Ca-0.4Mn (wt %) alloy was composed of interdendritic
α-Mg grains, network Al2Ca phase and a few Al8Mn5 particles. During multi-pass ECAP,
the Al2Ca network phase was gradually broken into ultrafine particles. More ECAP passes and
lower processing temperature resulted in finer sizes and a more dispersed distribution of Al2Ca
particles, as well as finer α-Mg grains.

(2) Multi-pass ECAP simultaneously enhanced the tensile strength and ductility of
Mg-3.5Al-1.8Ca-0.4Mn alloy. The 573 K-12p processed alloy exhibited superior mechanical
properties with a tensile yield strength of 304 MPa, ultimate tensile strength of 354 MPa and
elongation of 10.3%. The improved comprehensive mechanical performance could be attributed
to refined DRX grains, nano-sized Mg17Al12 precipitates and dispersed Al2Ca particles. Moreover,
quantitative contribution analysis suggested that the refined and dispersedly distributed Al2Ca
particles played a dominant role in strengthening the Al2Ca containing alloys.
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Abstract: In this study, five MgZnCa alloys with low alloy content and high biocorrosion resistance
were investigated during thermomechanical processing. As documented by microhardness and tensile
tests, high pressure torsion (HPT)-processing and subsequent heat treatments led to strength increases
of up to 250%; as much as about 1/3 of this increase was due to the heat treatment. Microstructural
analyses by electron microscopy revealed a significant density of precipitates, but estimates of the
Orowan strength exhibited values much smaller than the strength increases observed. Calculations
using Kirchner’s model of vacancy hardening, however, showed that vacancy concentrations of 10−5

could have accounted for the extensive hardening observed, at least when they formed vacancy
agglomerates with sizes around 50-100 nm. While such an effect has been suggested for a selected
Mg-alloy already in a previous paper of the authors, in this study the effect was substantiated by
combined quantitative evaluations from differential scanning calorimetry and X-ray line profile
analysis. Those exhibited vacancy concentrations of up to about 10−3 with a marked percentage being
part of vacancy agglomerates, which has been confirmed by evaluations of defect specific activation
migration enthalpies. The variations of Young’s modulus during HPT-processing and during the
subsequent thermal treatments were small. Additionally, the corrosion rate did not markedly change
compared to that of the homogenized state.

Keywords: Mg alloy; severe plastic deformation (SPD); intermetallic precipitates; vacancy
agglomerates; corrosion
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1. Introduction

Biodegradable Mg Alloys

Magnesium alloys, as the lightest structural materials, are becoming increasingly popular for
numerous applications, especially for biodegradable implants. When the clinical function of permanent
implants is served, they typically must be removed because of allergy problems and/or mechanical
instabilities, e.g., the stress shielding effect [1], which arises from different Young’s moduli of bone and
implant materials. Such a removal can be avoided when using biodegradable materials for implants
provided the degradation time can be adjusted to the healing time. The implants dissolve in the human
body after fulfilling their purposes by a corrosion process initiated by the body fluids [2].

MgZn-based alloys have been proposed as very suitable biodegradable materials for load-bearing
applications due to their low density, comparably high strength and low Young’s modulus—coming
close to that of bones and thus avoiding stress shielding.

In general, improvements in mechanical properties can be achieved through increased alloy
content and/or precipitation formation. In the case of Mg, the first strategy is limited since the solubility
of most alloying elements is limited [3,4]. Concerning the formation of precipitates in Mg-Zn systems,
Mima and Tanaka [5] identified three important low-temperature ranges for Mg-Zn systems: (i) below
60 ◦C, the formation of stable Guinier–Preston (GP1) zones; (ii) 60–110 ◦C, the formation of stable
rod-type and basal platelet-type precipitates along with unstable GP1 zones followed by growth of the
former at the expense of dissolution of the latter; and (iii) above 110 ◦C, the formation of stable rod-type
and basal platelet-type precipitates, the most stable ones being the rod type [6,7]. In a commercial
Mg5.5Zn0.6Zr (wt%) alloy (ZK60), Orlov et al. [8] found intermetallic precipitates similar to the GP1
zones, as a result of special ageing conditions after plastic deformation.

Enhancing solid solution and/or precipitation for the sake of mechanical properties, however,
increases the chemical reactivity and finally causes unacceptably large rates of corrosion in most
environments [9]. Moreover, in the case of precipitate formation, it may exhibit a markedly enhanced
Young’s modulus, thereby increasing the shielding effect. For all these reasons, using plastic deformation
for the generation of lattice defects acting as barriers to dislocation movement, is an interesting
alternative aiming at higher mechanical properties [10]. Importantly, the elastic moduli in texture-free
polycrystalline aggregates do not change during plastic deformation.

In comparison to fcc and bcc metals, the critical resolved shear stresses in slip systems of hcp
metals have large variations. Therefore, in Mg and its alloys, plastic deformation occurs by slip and/or
twinning on a much lower number of systems, which significantly limits the ductility, especially at low
temperatures [11]. This problem can be overcome by deformation at elevated temperatures, but then the
production of lattice defects becomes increasingly balanced by their thermally activated annihilation,
resulting in a decreasing total number of lattice defects. A better way is to process the materials
by methods of severe plastic deformation (SPD) [12–16]. Those provide an enhanced hydrostatic
pressure that is prevalent during deformation which suppresses the formation of cracks and extends
deformability. In many works, equal channel angular pressing (ECAP, [17–23]) was used to deform
Mg and Mg alloys for the sake of hardening through refining the microstructure, but still, cracks were
formed during deformation at room temperature (RT), and continuous deformation was possible only
above 200 ◦C allowing for grain sizes beyond 0.5 μm. As HPT yields much higher hydrostatic pressures
(up to 10 GPa) than ECAP (1.5 GPa), processing can be extended to 10–100 times larger strains, thereby
providing grain sizes down to 100 nm at room temperature (RT) processing [24–28]. Therefore, in
the present investigation of low-concentration biodegradable Mg alloys, HPT was applied; we were
expecting substantial grain refinement through massive dislocation production, by redistribution
of solutes and also by a high concentration of vacancies [29–31]. Zehetbauer [32,33] and especially
Horky et al. [33] for two selected Mg-alloys reported that these deformation-induced vacancies can
form agglomerates that inhibit the dislocation movement and therefore increase the macroscopic
strength; however, an extensive study of this effect has not been performed yet.
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It was therefore the aim of this work to investigate thoroughly the strengthening capabilities of five
biodegradable Mg alloys with low alloy content through the formation of both deformation-induced
defects, including vacancy agglomerates, and precipitates via severe plastic deformation and heat
treatments. The biodegradable MgZnCa-systems chosen here only included mineral nutrients that
are not harmful to the human body. With the alloy constituents Zn and Ca, precipitates were
formed, which not only impeded dislocation movement and thereby increased both strength and
work hardening, but also stopped grain growth during solidification and thermal treatments [29].
Due to the fact that Ca is less noble than Mg, low MgZnCa systems also provide—according to
Hofstetter et al. [9]—desirably slow and homogeneous degradation behavior with the low Mg alloys
selected here.

2. Experimental Procedure

2.1. Materials, Samples and Preparations

Five alloys were investigated with compositions Mg5Zn0.3Ca, Mg5Zn0.15Ca, Mg5Zn0.15Ca0.15Zr,
Mg5Zn and Mg0.3Ca. The emphasis of analyses was laid on the first three alloys; the last
two alloys helped to understand the main findings in-depth. The alloys were cast at the LKR
(Leichtmetall-Kompetenzzentrum Ranshofen, Ranshofen, Austria), a subsidiary of AIT (Austrian
Institute of Technology, Wien, Austria). The chemical compositions of the alloys are shown in Table 1.

Table 1. Chemical compositions of the investigated alloys.

Alloy Mg (at%) Zn (at%) Ca (at%) Zr (at%)

Mg5Zn0.3Ca 94.28 ± 0.03 5.44 ± 0.03 0.28 ± 0.03 -
Mg5Zn 94.77 ± 0.03 5.23 ± 0.03 - -

Mg0.3Ca 99.73 ± 0.03 - 0.27 ± 0.03 -
Mg5Zn0.15Ca 94.90 ± 0.03 5.1 ± 0.03 0.15 ± 0.03 -

Mg5Zn0.15Ca0.15Zr 94.40 ± 0.03 5.6 ± 0.03 0.18 ± 0.03 0.18 ± 0.03

The specimens were homogenized in a resistance furnace in argon protective gas atmosphere
in order to avoid strong oxidation, at 450 ◦C for 24 h for all alloys, except Mg5Zn which was heat
treated at 350 ◦C for 12 h [34]. After that, the samples were either furnace-cooled or quenched to room
temperature, and investigated separately.

2.2. HPT-Processing

For HPT-processing, disc-shaped samples with a diameter of 10 mm and a thickness of 0.7 mm
were prepared. The hydrostatic pressure applied during HPT was 4 GPa, and the rotation speed was
0.2 rot/min. The samples were torsion strained to shear strains

γT =
2πNr

h
(1)

with the von Mises strains ε being by a factor
√

3 smaller [35]. N means the number of rotations,
r the sample radius and h the thickness of the sample. HPT-processing was performed at room
temperature (RT).

2.3. Heat Treatments

Heat treatments of both the initial homogenized (IS) and the HPT-processed samples were
performed over different time periods and at different temperatures between 50 ◦C and 240 ◦C in
a silicon oil bath with a thermal stability of ±0.5 ◦C. After the heat treatments, the samples were
quenched in RT-water to ensure fast cooling and high accuracy of heat treatment duration [34].
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2.4. Characterization of Microstructure

2.4.1. Microhardness Tests

Vickers hardness was chosen as a measure of strength and investigated for all samples by an
MHT-4 Micro Indentation Tester (ANTON PAAR, Graz, Austria), by applying a load of 0.5 N for
10 s. After the indentation, the indents’ areas were observed with a Light Microscope AXIOPLAN
(ZEISS, Jena, Germany) using 50×/0.75 HD DIC and EPIPLAN 100×/0.75 objectives. The diagonals
were measured from images taken with a CCD camera being part of the microscope, as shown in
Figure 1. Asymmetries of indents did not affect the lengths of diagonals, and no crack formation
occurred. When determining the hardness of an HPT-processed sample, the indents were taken at
fixed radii from the center of the specimen, in order to ensure comparability of the results. At least
10 indents per sample state were evaluated.

Figure 1. An image of an indentation taken with a CCD camera, with d1 and d2 as the measured
diagonals of the indentation. They amount to approximately 25 μm.

For the measurements of Young’s modulus, a microindentation tester MHT-3 (ANTON PAAR,
Graz, Austria) was used.

2.4.2. Tensile Tests

Strength and ductility were determined by tensile testing. Dogbone-shaped specimens with a
cross-sectional area of 0.6 × 0.6 mm2 and a parallel gauge length of 3.5 mm in average (Figure 2) were
cut via spark erosion from the HPT-processed and non-processed discs. The gauge length of the tensile
samples was off-centered at a radius of the HPT-disc of approximately 3 mm.

(a) (b)

Figure 2. (a) Tensile test samples punched from Mg alloys in question, (b) dimensions of a
punched sample.
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A micro-tensile machine produced by MESSPHYSIK/ZWICK-RÖLL (Fürstenfeld, Austria) was
used with load capacities in the range of 1–1000 N—suitable for determination of tensile properties and
low cycle fatigue tests of small-scaled samples. Loads up to 120 N with a ramp speed of 0.2 mm/min
giving the strain rate of approximately 1 × 10−3 s−1 were used. To obtain average values for the tensile
test results, at least 3 samples were tested for each condition.

2.4.3. Electron Microscopy

In order to follow the relative redistribution of intermetallic precipitates throughout the matrix at
the microscale, scanning electron microscopy (SEM) in backscattered-electron (BSE) imaging mode
was carried out. For this purpose, a SUPRA 55 VP SEM (ZEISS, Jena, Germany) equipped with an
energy-dispersive X-ray spectroscopy (EDS) analysis and imaging system was used. Samples were
mechanically ground and polished down to a finish by employing ethanol lubricant and a 0.05 μm
Al2O3 suspension. Detailed evaluation of the evolution of particles at the nano-scale was carried out
by transmission electron microscopy (TEM) and scanning transmission electron microscopy (STEM).
For this purpose, a JEM 2100F-UHR microscope (JEOL, Tokyo, Japan) equipped with a high-angle
annular dark field (HAADF) detector was used. The same microscope is equipped with an EDS facility
(Oxford Instruments, Abingdon, UK), which has been used for elemental analyses of the Mg alloys
investigated. The specimens for TEM/STEM analyses were prepared by cutting a 3 mm disk out of
the slice, and mechanically polishing with polishing paper (up to 2000 grit) and finishing with 1 μm
suspension. During polishing only absolute ethanol has been used as a lubricant. Finally, the specimen
was ion milled with grazing Ar+ ion beam, by means of a Precision Ion Polishing System (PIPS-II)
(GATAN, Pleasanton, CA, USA) operated at 5 kV at the beginning down to 2 kV for the final step.

2.4.4. Differential Scanning Calorimetry

The differential scanning calorimetry (DSC) measurements were performed using two instruments,
a DSC204 (NETZSCH, Selb, Germany) and a DSC8500 (PERKIN-ELMER, Cleveland, OH, USA) using
aluminum crucibles. Heating was carried out in a linear way in a temperature range from 25 to 450 ◦C.
The standard heating rate was 10 K/min. During DSC, the annealing of deformation-induced defects
can be observed by the occurrence of exothermic peaks. The area of a given peak corresponds to the
total energy being stored in all defects of a given type, Ede f ect, from which its density can be derived.
For dislocations, their stored energy Edisl is related to their density ρ [36]:

Edisl = Gb2 ρ

4πκ
· ln (
(
b
√
ρ
)−1

) (2)

where G is the shear modulus and b the absolute value of the Burgers vector. κ denotes the arithmetic
average of 1 and (1 − ν), with ν = 0.343 as Poisson’s ratio, assuming equal parts of edge and screw
dislocations. The concentration of vacancies cv can be evaluated from the stored energy of vacancies
Evac divided by the formation enthalpy per vacancy, ΔH (in Mg, ΔH = 1.27 × 10−19 Joule = 0.79 eV [37]),

cV =
Evac

ΔH × ν×Na
, (3)

with ν being the amount of substance and Na Avogadro’s number. Information on the nature of
the defects can be obtained from the annealing peak temperature Tmax and the activation (defect’s
migration) enthalpy Q. For the latter, the method of Kissinger [38] was applied by evaluating the shift
of Tmax with changing heating rate. By plotting

ln
(
φ

Tmax2

)
= −Q

R
1

Tmax
+ const (4)
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for various heating rates Φ and absolute peak temperatures Tmax, the migration enthalpy Q can be
determined; R is the gas constant.

2.4.5. X-ray Diffraction Peak Profile Analysis (XPA)

Selected samples were subjected to X-ray diffraction peak profile analysis (XPA) measurements by
means of a self-assembled double diffractometer to measure dislocation density ρ. The X-ray source
was a MM9 X-ray rotating anode generator (RIGAKU, Tokyo, Japan) using monochromatic Co-Kα
radiation, corresponding to a wavelength λ = 1.79 nm. The peak profiles were collected by a curved
position-sensitive detector of type CPS-590 (INEL, Artenay, France), covering an angular range of
90◦ between 40◦ and 130◦. For details of the diffraction theory of Bragg peak broadening related to
dislocation density and crystallite size, see [39,40]. The evaluation of XPA data was done by the open
source software (C) MWP-fit (Version 140518, Budapest, Hungary) [41,42].

2.4.6. Corrosion Tests

Corrosion tests were performed in testing tubes filled with 250 mL simulated body fluid (SBF)
with a composition according to SBF27 from [43], a pH value of 7.35. The tests were conducted at a
temperature of 37 ◦C and the SBF was changed every seven days. Two disc-shaped samples with the
same diameter of 10 mm and a height between 0.4 mm and 0.7 mm were immersed together in order
to have a larger total surface area. The samples were polished with SiC-paper (1200 grid) and cleaned
with ethanol directly before the start of the test.

The corrosion of Mg alloys leads to the formation of hydrogen gas, which accumulates at the top
of the testing tubes [44,45], according to the reaction

Mg + 2H2O→Mg(OH)2 + H2

The amount of H2 gas was recorded every 4 h and normalized by the initial sample’s surface area.
A numerical derivation was conducted to obtain the corrosion rate followed by a moving average
algorithm to smoothen the curves. Two tests were performed for each material in each condition.
The corrosion test set-up has already been described previously [46,47].

3. Results

3.1. Achieving the Supersaturated Solid-Solution Condition

SEM images of the as-cast alloys reveal a large number of primary precipitates, which are
represented by the areas with bright contrast in Figures 3–5. On the microscale, the precipitates are
distributed rather homogeneously in every sample condition. The level of contrast in these images
signifies compositional changes in the microstructure, as it depends on the atomic numbers of the
elements involved. All samples in the as-cast condition showed particles with a size of 5–10 μm,
both within grain interiors and along grain boundaries. EDS analyses were done to reveal the chemistry
of the primary precipitates. The analyses were achieved on well-defined points on the sample’s surface,
as shown in Figure 3, revealing a spectrum of the chemical composition of each point investigated
(Figure 4). A total of 10 points were used for the primary precipitates and the surrounding matrix to
determine the mean value. The chemistry of these precipitates revealed by EDS is shown in Table 2.
Further, phase diagrams from literature were used to estimate the compositions of the precipitates.
Those of the primary particles should correspond to Mg2Ca, Zn13Mg12 and Ca2Mg5Zn5 [48]. A more
detailed analysis on primary precipitates could have been done by TEM, but that was not the focus of
this study. The total volume fraction of primary precipitates was determined to be about ~2% being
estimated from the total area of the particles by means of standard image analysis methods.
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Figure 3. SEM image of Mg5Zn0.3Ca. EDS was carried out at well-defined points (here #6–#10) on the
sample’s surface. Mainly, the primary precipitates were investigated, but so was the surrounding matrix.

Figure 4. Exemplary EDS analysis of point 7 indicated in Figure 3, for a Mg5Zn0.3Ca sample. Intensity
peaks (counts/s) for different energies (eV) correspond to EDS signals from Ca, Zn, Mg, Ca, Ca, Zn, and
Zn again (in sequence from left to right).

(a) (b)

Figure 5. SEM image of the as-cast alloy Mg5Zn0.3Ca, (a) with about 100× magnification (b) with
about 500×magnification.
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Table 2. Chemistry of the precipitates revealed by EDS.

Alloy Mg (at%) Zn (at%) Ca (at%)

Mg5Zn0.3Ca 65 ± 5 31 ± 7 4 ± 1
Mg5Zn 76 ± 4 24 ± 3 -

Mg0.3Ca 90 ± 1 - 10 ± 1
Mg5Zn0.15Ca 28 ± 6 70 ± 5 3 ± 1

Mg5Zn0.15Ca0.15Zr 24 ± 5 72 ± 5 4 ± 1

During homogenization, the primary precipitates should have been thermally destroyed. It is
not possible, however, to dissolve them completely in the Mg matrix, as its solid solubility is low:
Ca has a solubility in Mg of 0.82 at% (1.35 wt%), and Zn has a solubility in Mg of 2.4 at% (6.2 wt%) [49].
Two cooling treatments—quenching and furnace cooling—were performed with all alloys (Figure 6):
Quenched samples showed still widely spread precipitates, while the furnace-cooled ones did not,
indicating almost a solid-solution state. For the alloys Mg5Zn and Mg5Zn0.3Ca, the volume fraction
after quenching could be reduced to ~2% with a precipitation size of less than 5 μm. In case of furnace
cooling, the remaining volume fraction of precipitates was less than 1% with a size in the nm-scale.
For Mg5Zn0.15Ca and Mg5Zn0.15Ca0.15Zr both cooling treatments could reduce the volume fraction
of primary precipitates to below 1%. As a common name for both states, “initial state (IS)” is used in
all the following parts of this paper.

Figure 6. SEM images of all alloys after best-condition annealing, and quenching or furnace-cooling.
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The results of microhardness (HV0.05) measurements of as-cast Mg5Zn0.3Ca, Mg5Zn, Mg0.3Ca,
Mg5Zn0.15Ca and Mg5Zn0.15Ca0.15Zr samples, and in their furnace-cooled or quenched states,
are listed in Table 3.

Table 3. Microhardness results of Mg5Zn0.3Ca, Mg5Zn0.15Ca, Mg5Zn0.15Ca0.15Zr and the two alloys
Mg5Zn and Mg0.3Ca in the as-cast, furnace-cooled and quenched states.

Alloy
HV0.05
as-Cast

HV0.05
Furnace-Cooled

HV0.05
Quenched

Mg5Zn0.3Ca 65 ± 6 58 ± 1 70 ± 2
Mg5Zn 70 ± 9 55 ± 2 76 ± 4

Mg0.3Ca 50 ± 3 47 ± 1 54 ± 3
Mg5Zn0.15Ca 77 ± 2 78 ± 3 83 ± 5

Mg5Zn0.15Ca0.15Zr 78 ± 4 74 ± 3 76 ± 3

3.2. The Effect of Severe Plastic Deformation

After reaching the homogenized (initial) state, the samples were HPT processed at a hydrostatic
pressure of 4 GPa by 0.5 and 2 rotations, reaching torsional strains up to γT~100. After that,
microhardness (HV0.05) measurements were carried out while distributing them over the whole cross
section. In particular, microhardness was measured along entire radii of the disc-shaped sample.
In Figure 7, the microhardness values are presented as a function of torsional shear strain γT calculated
according to Equation (1). After HPT of the furnace-cooled samples, the microhardness can be said to
increase with increasing γT, and finally reaches saturation at around HV0.05 = 160 for all four alloys,
while for Mg0.3Ca the saturation is reached already at around HV0.05 = 72 (Figure 7).

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 7. Cont.
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(e) 

Figure 7. Microhardness results for (a) Mg5Zn0.3Ca, (b) Mg5Zn, (c) Mg5Zn0.15Ca, (d) Mg5Zn0.15Ca0.15Zr
and (e) Mg0.3Ca in the initial state (IS–dotted line) after furnace-cooling (FC, black) and quenching (Q, red)
and additional HPT deformation at room temperature at 4 GPa, 0.5 and 2 rotations giving torsional strains
up to γT~100.

However, starting with the quenched IS condition, which showed a higher microhardness
than the furnace-cooled initial state, microhardness after HPT processing saturated at lower values,
for Mg5Zn0.3Ca and Mg5Zn at around HV0.05 = 140 and for Mg5Zn0.15Ca and Mg5Zn0.15Ca0.15Zr
at around HV0.05 = 150 for the highest γT. For Mg0.3Ca, the saturation hardness was around
HV0.05 = 64 only. The microhardness of the alloy with 0.15% Zr showed a slight tendency to decrease
at higher strains (30-100) after a peak value at lower strains of approximately γT = 20. In terms of relative
effects after HPT processing, the samples in the IS (furnace-cooled) showed microhardness increases of
175% for Mg5Zn0.3Ca, 190% for Mg5Zn, 135% for Mg5Zn0.15Ca0.15Zr, 85% for Mg5Zn0.15Ca and 53%
for Mg0.3Ca. Even in relative numbers, the HPT-processed IS (quenched) samples showed smaller
increases, 100% for Mg5Zn0.3Ca, 87% for Mg5Zn, 77% for Mg5Zn0.15Ca, 113% for Mg5Zn0.15Ca0.15Zr
and 19% for Mg0.3Ca.

3.3. The Effects of Isothermal Heat Treatments

Microhardnesses of heat-treated alloys in the initial state and HPT-processed state have been
reported in [34]. After homogenization, followed by furnace-cooling or quenching, Mg alloy
samples were not only HPT-processed to ε~5 and ε~20, but also heat-treated for up to 29 h, at a
constant temperature between 50–220 ◦C in intervals of 20 ◦C. After each isothermal heat treatment,
microhardness was measured. Similarly to the results reported by Horky et al. [33] (see also Sections 4.3
and 4.4), further hardness increases were observed in all alloys studied in this work except Mg0.3Ca,
as discussed later. The highest hardness was observed after a heat treatment at 100 ◦C (see Figure 8a–e)
and at an annealing time of 1 h (Figure 8).

The increases in the IS (furnace-cooled) samples were larger than in the IS (quenched); i.e.,
heat treatments of the furnace-cooled and HPT-processed samples gave a total increase of microhardness
by 40%, while the heat treatments of the quenched and HPT-processed samples gave 15% only.

The binary alloy Mg0.3Ca had its hardness maxima after heat treatments at 75 ◦C and between 150
and 160 ◦C. When exceeding the annealing temperature of 100 ◦C (or 160 ◦C in the case of Mg0.3Ca),
microhardness decreased significantly for all alloys; and at annealing temperatures near 220 ◦C,
it reached original values before heat treatment.

It is interesting to note that the samples without any HPT-processing also showed a
thermally-induced hardness maximum at around the same annealing temperatures, i.e., 100 ◦C
and 160 ◦C, although the values remained substantially below those of the HPT-processed samples
(Figure 8a–e).
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(a) (b) 

(c) (d) 

 

(e) 

Figure 8. Microhardness after heat treatments for 1 h at various temperatures for (a) Mg5Zn0.3Ca
(b) Mg5Zn (c) Mg5Zn0.5Ca (d) Mg5Zn0.15Ca0.15Zr and (e) Mg0.3Ca in the IS (furnace-cooled) (grey),
at ε~5 (red) and ε~20 (black).

The peak temperature of 100 ◦C was chosen to investigate how the extension of heat treating time
up to 29 h affects hardness of Mg5Zn0.3Ca, Mg5Zn and Mg0.3Ca alloys HPT-processed to ε~5 and
ε~20; see Figure 9. For almost all materials, hardness increased after one hour but did not increase
further within the next 23 h of heat treatment. Only after longer heat treatment time, substantial
decreases in hardness were observed. Figure 10 shows the results for a fixed heat treatment time
of 24 h, and varying temperature between 25 and 150 ◦C. For HPT-processed samples, the highest
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hardness values were observed, most of them again at T = 100 ◦C. Significantly smaller or no hardness
maxima at all were found in the case of IS samples heat treated at T = 100 ◦C.

Figure 9. Microhardness after heat treatments at the peak temperature of 100 ◦C with varying annealing
times up to 29 h for Mg5Zn0.3Ca (black), Mg5Zn (red) and Mg0.3Ca (blue) processed at different strains.

(a) (b)

Figure 10. Results of microhardness measurements of Mg alloys in the IS (furnace-cooled) and
after HPT-processing at 4 GPa and 0.5 rotations, and additional heat treatment for 24 h at varying
temperatures. (a) Mg5Zn0.3Ca (black), Mg5Zn (red) and Mg0.3Ca (grey); and (b) Mg5Zn0.15Ca0.15Zr
(red) and Mg5Zn0.15Ca (black).

3.4. Total Hardness Increase after Processing

The total hardness increase along the processing history of Mg5Zn0.3Ca and Mg5Zn in the IS
(quenched and furnace-cooled) is summarized in Figure 11. A percentage in a bar shows the hardness
increase from one processing stage to the next one. A percentage above a bar shows the total hardness
increase from the first processing stage to the last one. A very high total hardness increase of up to
200% for Mg5Zn could be reached for the furnace-cooled samples, while the quenched ones showed a
total hardness increase of only 100%.

The maximum hardness increase for furnace-cooled samples of about 200% could only be reached
for Mg5Zn and Mg5Zn0.3Ca. Mg0.3Ca (Figure 12) showed a surprisingly high hardness increase of
150%, whereas Mg5Zn0.15Ca and Mg5Zn0.15Ca0.15Zr showed only an increase of 100%. The last two
alloys did not show a reaction to heat treatments at all.
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Figure 11. Total microhardness increases of Mg5Zn0.3Ca and Mg5Zn in the IS (furnace-cooled and
quenched) and additional HPT deformations after 4 GPa and 0.5 rotations and additional heat treatment
at 100 ◦C for 24 h.

Figure 12. Total hardness increases of Mg5Zn0.3Ca, Mg5Zn, Mg0.3Ca, Mg5Zn0.15Ca and
Mg5Zn0.15Ca0.15Zr from the IS (furnace-cooled), HPT processing at 4 GPa and 0.5 rotations;
and additionally, heat treatment at the peak temperatures of 100 ◦C for 24 h, and 75 ◦C for 24 h
for Mg0.3Ca.

3.5. Tensile Strength and Ductility

Tensile tests were conducted for all five alloys in the initial state; HPT-deformed (0.5 and
2 rotations); and additionally, heat treated for 24 h at 100 ◦C. Representative engineering stress–strain
curves obtained by micro-tensile testing are shown in Figure 13. In cases wherein no relative maximum
was seen, the ultimate tensile strength (UTS) was derived by determining the maximum load and
the initial cross section of the sample. For the determination of yield strength, a constant plastic
strain of 1% was chosen. The difference in yield strength and UTS of the IS and HPT-processed
samples typically amount to 100 MPa and 200 MPa, respectively. HPT-processing more than doubles
the yield strength and also drastically increases the ultimate tensile strength by ~140% for Mg0.3Ca.
For Mg5Zn0.3Ca and Mg5Zn, the UTS increased by ~45% and ~75%, respectively. For Mg5Zn0.15Ca
and Mg5Zn0.15Ca0.15Zr, HPT processing reduced the maximum elongation to ~5%. This means that
the ductility is much lower than that of the material in the initial state. The post-HPT heat treatment
(condition of peak hardness) led to a further strong increase in yield strength by up to ~85% and a
slight decrease in ultimate tensile strength. However, the elongation to failure still reached 5% only,
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not showing any response to thermal treatment after HPT-processing. The average values of strength
and ductility measured in the tensile tests are summarized in Table 4.

Figure 13. Representative tensile stress–strain curves of IS, IS and heat-treated, HPT-processed (0.5 and
2 rotations) and HPT-processed and subsequently heat-treated Mg5Zn samples. Both heat treatments
were done at 100 ◦C through 24 h.

Table 4. Average values and standard deviations of yield strength σyield, ultimate tensile strength (UTS)
and total engineering strain (εtotal) of all alloys in different conditions. HPT deformation was done at
0.5 rotations (0.5) or 2 rotations (2); heat treatments (HT) were done at 100 ◦C for 24 h.

Alloy Condition σyield (MPa) UTS (MPa) εtotal (%)

Mg5Zn0.3Ca

IS 70 ± 10 153 ± 10 15 ± 1
IS + HT 95 ± 15 175 ± 19 14 ± 2

HPT (0.5) 163 ± 36 221 ± 21 7 ± 2
HPT (0.5) + HT 303 ± 35 310 ± 55 5 ± 1

HPT (2) 55 ± 16 55 ± 16 1 ± 0.1
HPT (2) + HT 209 ± 45 209 ± 45 4 ± 1

Mg5Zn

IS 90 ± 10 174 ± 57 17 ± 3
IS + HT 155 ± 15 180 ± 28 17 ± 3

HPT (0.5) 280 ± 10 303 ± 20 5 ± 1
HPT (0.5) + HT 310 ± 26 329 ± 36 5 ± 1

HPT (2) 280 ± 22 280 ± 22 6 ± 1
HPT (2) + HT 185 ± 51 185 ± 51 5 ± 1

Mg0.3Ca

IS 36 ± 20 92 ± 4 18 ± 6
IS + HT 24 ± 9 57 ± 10 30 ± 10

HPT (0.5) 210 ± 26 222 ± 28 10 ± 2
HPT (0.5) + HT 245 ± 5 250 ± 2 5 ± 2

HPT (2) 202 ± 20 206 ± 17 14 ± 3
HPT (2) + HT 255 ± 42 258 ± 39 6 ± 1

Mg5Zn0.15Ca

IS 120 ± 5 339 ± 40 17 ± 4
IS + HT 94 ± 12 180 ± 25 16 ± 2

HPT (0.5) 246 ± 15 285 ± 19 7 ± 2
HPT (0.5) + HT 265 ± 5 268 ± 22 6 ± 1

HPT (2) 306 ± 22 306 ± 22 6 ± 2
HPT (2) + HT 395 ± 25 418 ± 25 5 ± 1

Mg5Zn0.15Ca0.15Zr

IS 165 ± 15 266 ± 49 15 ± 2
IS + HT 180 ± 40 204 ± 27 17 ± 4

HPT (0.5) 230 ± 10 224 ± 82 6 ± 1
HPT (0.5) + HT 280 ± 10 285 ± 20 5 ± 1

HPT (2) 303 ± 40 309 ± 24 5 ± 1
HPT (2) + HT 270 ± 10 292 ± 24 7 ± 2
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3.6. Evolution of Young’s Modulus

From microhardness indentation tests, values of Young’s Modulus E of all materials and treatments
can be evaluated too. They lie between 32–50 GPa (Table 5) considering all materials, but within one
material they did not change by more than 18% due to the different treatments. Mg5Zn0.3Ca and
Mg0.3Ca showed moderate differences of Young’s modulus at a strain of γT~8. Mg5Zn0.15Ca0.15Zr
had a variation of Young’s Modulus at a strain of γT~2. Pole figures (002) (010) (011) and (102) of the
samples with apparent variations of Young’s modulus during processing history were determined
by XRD, displaying the crystallographic textures of the materials (Figure 14). From the latter, data
of Young’s Modulus could be simulated (Figure 15 for Mg5Zn0.3Ca): each obtained texture was
discretized and represented as a result from 100,000 grains all having the same weight. Based on the
orientation of each grain and the compliance constants Sij, the individual Young’s modulus of each
grain was calculated using Bunge’s interdependence [50] of Young’s modulus E with the materials’
compliances Sij, and with the texture components. Using Voigt’s average [51] for the E-values of all
grains, an upper limit for the macroscopic E could be calculated. More details of the simulation have
been given in publication [10]. The following compliances given in [52] for dilute Mg-alloys were
used: S11 = 0.0172738 GPa−1, S12 = −0.01606 GPa−1; and S44 = 0.066667 GPa−1; neglecting influences
from constituents Zn and Ca in higher percentages. These influences and the fact of upper-limit
calculation may explain some positive, constant offsets of simulated values of E compared to the
experimental values.

Table 5. Young’s moduli of all alloys in various conditions.

Alloy Condition E (GPa)

Mg5Zn0.3Ca

IS 43 ± 1
IS + HT 42 ± 3

HPT (0.5) 44 ± 1
HPT (0.5) + HT 47 ± 2

HPT (2) 50 ± 5
HPT (2) + HT 37 ± 3

Mg5Zn

IS 44 ± 4
IS + HT 46 ± 3

HPT (0.5) 50 ± 4
HPT (0.5) + HT 46 ± 2

HPT (2) 45 ± 3

Mg0.3Ca

IS 32 ± 1
IS + HT 33 ± 2

HPT (0.5) 40 ± 2
HPT (0.5) + HT 43 ± 1
HPT (2) + HT 33 ± 4

Mg5Zn0.15Ca

IS 44 ± 2
IS + HT 35 ± 5

HPT (0.5) 37 ± 3
HPT (0.5) + HT 32 ± 2

HPT (2) 45 ± 2
HPT (2) + HT 46 ± 3

Mg5Zn0.15Ca0.15Zr

IS 40 ± 3
IS + HT 40 ± 2

HPT (0.5) 42 ± 2
HPT (0.5) + HT 37 ± 2

HPT (2) 44 ± 2
HPT (2) + HT 45 ± 3
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Figure 14. Pole figures displaying crystallographic textures of Mg5Zn0.3Ca samples in the IS
(furnace-cooled) and HPT-processed by 2 rotations (torsional strain γT~8) and additional heat treatment
at 100 ◦C for 1 and 24 h.

Figure 15. Comparison of measured and simulated values of Young’s modulus data obtained from
microhardness measurements and texture evaluations for Mg5Zn0.3Ca.
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3.7. Electron Microscopy Analysis of Precipitate Structure Evolution

TEM analyses were done in order to understand how the mechanical properties of Mg samples
are related to microstructural features, in particular, to different shapes and densities of precipitates
that form during heat treatments. The samples were chosen based on the significance of microhardness
results shown in Figure 10, for the alloy Mg5Zn0.3Ca, in the following three states:

(1) IS (furnace-cooled) and additionally HPT-deformed at 4 GPa for 0.5 rotations at RT;
(2) IS (furnace-cooled) and HPT-deformed at 4 GPa for 0.5 rotations at RT and heat treated at 100 ◦C

for 24 h;
(3) IS (furnace-cooled) and HPT-deformed at 4 GPa for 0.5 rotations at RT and heat treated at 125 ◦C

for 24 h.

The three precipitate states reveal differences in morphology, size and density of precipitates in
the range of 3–100 nm. Primary precipitates, as scattered residuals after annealing, did not show any
substantial evolution during the processing history; see Figure 16—first row, SEM 200×.

 
(a) 

 
(b) 

 
(c) 

Figure 16. SEM (upper two rows) and STEM (bottom row) images of Mg5Zn0.3Ca samples (a) after
HPT-processing; (b) after HPT and additional heat treatment at 100 ◦C for 24 h; and (c) after HPT and
additional heat treatment at 125 ◦C for 24 h. HPT-processing was carried out by 0.5 rotations under
4 GPa pressure at RT.

Precipitates’ structures have been analyzed in all three states (Figure 16—second row, SEM
about 10,000×), namely: polyhedral precipitates (P1), elongated precipitates (P2) and thinner phases.
The thinner phases are at the boundaries of grains, or follow their contours. P1 and P2 do not change
at all during processing, and can be observed in all states (Figure 17). P1 and P2 contain Zn and Ca,
as seen in exemplary EDS maps of P1 precipitates (Figure 18).
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Figure 17. STEM image of Mg5Zn0.3Ca, HPT-processed at 0.5 rotations, showing P1, P2 and thinner
precipitates (blue arrows). The TEM image in the top left corner is a close-up of the P1 precipitate.
Thinner precipitates are located at the grain boundaries, following their contours.

Figure 18. EDS maps of a P1 precipitate in a Mg5Zn0.3Ca sample. These precipitates contain Zn (green)
and Ca (blue); Mg (red) was mainly observed in the surrounding matrix. O (pink) appeared in all
sample areas; it most likely came from the atmospheric oxidation of prepared TEM foils.

Besides P1, P2 and thinner phases, further precipitates were observed in the heat-treated samples
(Figure 16—third row, STEM, about 200,000×). P3-precipitates could be observed in both the heat
-treated samples (Figure 19). In the sample heat treated at 100 ◦C, the P3-precipitates were located
at the boundaries between grains and had a size of 20-50 nm. In the sample heat treated at 125 ◦C,
those phases grew in size up to 100 nm. Additionally, ultrafine P4 precipitates (Figure 19) with a size
less than 10 nm and up to 50 nm appeared. They were oriented normal to <0001> direction, but further
verifications are required. These oriented platelets were not observed in the other two conditions.
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(a) (b)

Figure 19. TEM images of the HPT-processed (0.5 rot) and heat-treated Mg5Zn0.3Ca sample (a) at
100 ◦C for 24 h and (b) HPT processed and heat treated at 125 ◦C for 24 h showing P3 and P4 precipitates.

3.8. Determination of SPD-Induced Defect Densities by DSC and XPA

With differential scanning calorimetry (DSC), one can distinguish between lattice defects through
selected annealing. Defects always show exothermal peaks, while the endotherm ones indicate
phase transformations. Defects with low migration enthalpy Q exhibit their annealing peaks at
low temperatures while those with high Q are reflected by peaks at higher temperatures. For the
case of defects produced by plastic deformation, it is well established [29,30] that for SPD-processed
pure metals, up to three annealing peaks emerge which are dominated by the annealing of (i) single
and/or double vacancies at approximately T = 0.2 Tm (Tm is the melting temperature in K) in the first
peak, of (ii) vacancy agglomerates at about T = 0.3 Tm in the second peak and (iii) of dislocations
around T = 0.3–0.4 Tm in the third peak, depending on the stress intensity of their arrangement [29].
These peaks can be shifted by up to 100 K to higher temperatures in alloyed metals because of trapping
of defects by the alloying atoms.

As a representative for the DSC scans of all Mg alloys investigated, Figure 20 reveals the results for
HPT-processed Mg5Zn0.3Ca. Only two peaks emerged in the DSC scans, a peak I between 100–200 ◦C
(T = 0.4–0.5 Tm), and a peak II around 300–370 ◦C (T = 0.6–0.7 Tm). Comparisons with the results
mentioned for SPD-processed materials, and especially with those from quenched Mg-alloys only
exhibiting vacancy-type peaks [32,33], suggest that peak I indicates the annealing of single and double
vacancies, while peak II results from an overlap of the second and third peak indicating the annealing
of both vacancy agglomerates and dislocations at very similar temperatures.

Figure 20. A typical heat flow curve as function of the temperature, for HPT-processed Mg5Zn0.3Ca
(black curve—0.5 rotations, red curve—2 rotations) showing two exothermal peaks I and II. The stored
energies Etotal of the HPT-induced defects were evaluated from the areas of the peaks.
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For further identification of deformation-induced defects, their migration enthalpies Q (Figure 21)
were evaluated by measuring the shift of annealing peak temperatures with different DSC heating rates
(Kissinger analysis [38]). Results for activation enthalpies of peak I and peak II were 0.7–1.3 ± 0.1 eV and
1.3–3.8± 0.3 eV, respectively, for all alloys Mg5Zn0.3Ca, Mg5Zn, Mg5Zn0.15Ca and Mg5Zn0.15Ca0.15Zr.
While peak I remains approximately constant with increasing HPT strain, peak II occasionally does
not; for further interpretations, see the discussion section.

Figure 21. Typical Kissinger plot referring to Equation (4) comprising the peak temperatures Tmax of
peak I and peak II measured by DSC, for HPT-processed Mg5Zn0.15Ca at 4 GPa for 0.5 rotation. The full
lines represent the regression to the experimental data; the activation enthalpy Q was calculated from
their slopes.

Following the procedure described in papers [30], combined DSC and XPA measurements were
done in order to find out the concentrations of vacancies/vacancy agglomerates. The temperature
ranges of the two DSC peaks I and II were further investigated by XPA. With constant crystallite
size, the broadening of Bragg peak line profiles yields dislocation densities (N) which allow one—by
means of Equation (2)—to estimate the energy which is stored in those dislocations (and their
arrangements) solely (Edisl). The procedure is to subtract Edisl from the total stored energy Etot of
peak I (or peak II, respecticely) in order to obtain Evac, the energy which is to be attributed to the
vacancies/vacancy agglomerates. Evac yields the vacancy concentration cv by applying Equation (3).
For all the furnace-cooled and HPT-processed alloys investigated, Table 6 (for peak I) and Table 7
(for peak II) list all these values in sequence.

Table 6. Measured and calculated data for DSC peak I. ρ is the dislocation density, cv the
vacancy concentration.

Sample Etotal (J/g) ρ (m-2) Edisl (J/g) Evac (J/g) cv

Mg5Zn0.3Ca 9.7 ± 2 1.1 × 1014 ± 1013 0.06 ± 0.02 9.6 ± 2 2 × 103 ± 1 × 10−4

Mg5Zn 5.1 ± 0.5 2.0 × 1014 ± 1013 0.10 ± 0.05 5.1 ± 0.5 1 × 10−3 ± 1 × 10−4

Mg5Zn0.15Ca 8.2 ± 0.7 2.0 × 1014 ± 1013 0.05 ± 0.01 8.2 ± 0.8 2 × 10−3 ± 2 × 10−4

Mg5Zn0.15Ca0.15Zr 5.4 ± 0.2 1.6 × 1014 ± 1013 0.02 ± 0.01 5.4 ± 0.3 1 × 10−3 ± 9 × 10−5

Mg0.3Ca 1.7 ± 0.5 3.1 × 1014 ± 1013 0.05 ± 0.01 1.7 ± 0.5 5 × 10−4 ± 1 × 10−4

Table 7. Measured and calculated data for DSC peak II. ρ is the dislocation density, cv the
vacancy concentration.

Sample Etotal (J/g) ρ (m-2) Edisl (J/g) Evac (J/g) cv

Mg5Zn0.3Ca 3.0 ± 0.5 4.1 × 1014 ± 1013 0.2 ± 0.1 2.7 ± 0.3 8 × 10−4 ± 1 × 10−4

Mg5Zn 1.5 ± 0.2 4.4 × 1014 ± 1013 0.3 ± 0.1 1.0 ± 0.1 3 × 10−4 ± 1 × 10−4

Mg5Zn0.15Ca 0.8 ± 0.1 3.6 × 1014 ± 1013 0.4 ± 0.1 0.4 ± 0.1 1 × 10−4 ± 9 × 10−5

Mg5Zn0.15Ca0.15Zr 1.5 ± 0.01 3.5 × 1014 ± 1013 0.3 ± 0.1 1.1 ± 0.1 3 × 10−4 ± 2 × 10−5

Mg0.3Ca 0.7 ± 0.1 2.2 × 1014 ± 1013 0.2 ± 0.01 0.5 ± 0.1 1 × 10−4 ± 1 × 10−5
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3.9. Corrosion Tests

The results of corrosion tests are presented in Figure 22. The corrosion rate is plotted as a function
of immersion time. It can be seen that the renewal of SBF after 7 and 14 days which removes corrosion
products from the liquid and adjust the pH value back to 7.35 resulted in the boosts of hydrogen gas
evolution and increases of corrosion rates.

(a) (b)

(c)

Figure 22. Corrosion rates of (a) Mg0.3Ca (b) Mg5Zn and (c) Mg5Zn0.3Ca in different conditions
determined by immersion testing in simulated body fluid at body temperature. The SBF was renewed
all 7 days.

It can be concluded from Figure 22 when comparing the curves of the as-cast with those of the
IS samples that solid solution treatment decreases the corrosion rate in all the investigated alloys.
The difference is least pronounced in the binary Mg-Ca alloy.

HPT-processing increased the corrosion rate of Mg5Zn slightly, while it had no detectable influence
on corrosion rate in the case of Mg0.3Ca. In the case of Mg5Zn0.3Ca, HPT resulted in an increased
corrosion rate in the first week and a decreased one in the third week.

The heat treatments carried out after solid solution treatment or after HPT-processing have no
significant influence on the corrosion rates of Mg0.3Ca and Mg5Zn. In case of the ternary alloy
Mg5Zn0.3Ca, the heat treatment after HPT leads to a decrease in the corrosion rate while the same heat
treatment in the initial state leads to an increase in the corrosion rate.

The difference between the three alloys is largest in the IS as most of the primary precipitates
become dissolved in this condition. It shows that the corrosion rate of Mg5Zn0.3Ca is highest especially
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in the first week of immersion. Mg5Zn alloy shows the lowest total hydrogen evolution and is less
sensitive to the change of SBF. However, microscope images in [47] show that in the case of both Zn
containing samples some parts are already missing after three weeks, while the Mg0.3Ca alloy shows a
rather homogenous corrosion behavior.

The general appearance of the corrosion behavior is rather independent of the material treatment,
meaning that Mg0.3Ca always shows a rather homogenous corrosion behavior and a thick surface
layer of degradation products while Mg5Zn shows localized corrosion, and parts of the samples are
missing after three weeks. Mg5Zn0.3Ca exhibits a strong surface roughness and some parts of the
samples also completely dissolve. The amount of completely dissolved parts in both Zn-containing
agrees well with the overall corrosion rates determined by the hydrogen evolution method (Figure 22).

4. Discussion

4.1. The Effect of Solid-Solution Treatment

The initial homogenization treatment of as-cast materials had the intention to re-solutionize
primary precipitates, in all the materials considered in this study. Therefore, a homogenization
treatment at 450 ◦C for 24 h was applied for Ca-containing alloys. An exception was made for Mg5Zn,
for which a temperature of 350 ◦C for 12 h was chosen in order to avoid melting. Lower annealing
times and temperatures did not remove the primary precipitates, and increasing the annealing time
beyond 24 h did not change their density.

In order to stabilize at RT this well-homogenized state and to obtain supersaturated solid-solution
condition (which is called the initial state (IS) in the forthcoming text), two types of cooling were
used and investigated: furnace-cooling and quenching in ice water. The microhardness values of
furnace-cooled alloys Mg5Zn0.3Ca, Mg5Zn, Mg5Zn0.15Ca and Mg5Zn0.15Ca0.15Zr were noticeably
lower than those of as-cast samples (Table 3); the microhardness values of the quenched samples,
however, were slightly higher.

Our explanation of the latter effect is as follows: As intended, the higher-temperature heating
of the materials led to the dissolution of primary precipitates and annihilation of dislocations along
with the reduction of the total area of grain boundaries. Nevertheless, the concentration of thermal
vacancies was high at the high temperatures. Quenching froze the vacancies, and the higher the cooling
rate, the higher was the number of quenched-in vacancies. However, in contrast to the mono-vacancies,
di- and multi-vacancies and/or vacancy agglomerates form barriers to the dislocation motion, leading
to the so-called quench-hardening [53]. The actually measured rise in microhardness after quenching
in comparison with the as-cast state can be thus attributed to the quench-hardening effect.

In contrast, furnace-cooling leads to a decrease in hardness as a result of annealing of thermal
vacancies during slow cooling. At the same time, grains start to coarsen and dislocations leave the
lattice, both leading to the softening of materials.

SEM images (Figure 6) show that for the alloys Mg5Zn0.15Ca0.15Zr, Mg5Zn0.15Ca and Mg0.3Ca,
no significant difference between the IS (furnace-cooled) and IS (quenched) exist in terms of primary
precipitates. However, for Mg5Zn0.3Ca, it was not possible to completely dissolve Ca in the Mg
matrix. Here, furnace-cooling was more effective than quenching for approaching the solid solution
supersaturated state, and fewer residual primary precipitates were found.

However, the negative effect of furnace-cooling is reflected in the possible formation of various
complex phases, which may not occur in the quenched samples. The nature and the composition of
such phases may affect the microstructure and therefore the properties of the alloy. The densities of
these precipitates may be difficult to measure, and the determination of parameters that control the
formation of certain phases and/or types of precipitates, is not straight-forward [54].
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4.2. The Effect of High-Pressure-Torsion

HPT-processing of a material results in significant increases of densities of dislocations, vacancies
and agglomerates during or after HPT-processing. As the dislocations partially arrange into grain
boundaries, a decrease in grain size causing an increase in strength and/or hardness takes place.

With HPT, a material workpiece can be exposed to very large torsional strains under hydrostatic
pressures up to 10 GPa [55,56]. The large hydrostatic pressure suppresses the annihilation of lattice
defects and thus provides grain refinements down to several nanometers and even until an amorphous
state. Grain sizes in Mg and other alloys HPT-processed at room temperature can reach around
100 nm [57–62].

As already mentioned, during HPT-deformation of the investigated alloys to 0.5 rotation (γT~20)
(Figure 11) at room temperature, microhardness increased by up to 130% compared to the furnace-cooled
IS, while the increase reached only 80% compared to the quenched IS. When deforming the samples for
two rotations and more (γT = 20-100), microhardness increased further, up to 190% for the furnace-cooled,
and up to 100 % for the quenched samples. Again, the samples in the IS (furnace-cooled) showed slightly
larger hardness at γT > 20 than the samples in the IS (quenched). This effect may be explained by the
fact that in the furnace-cooled samples—in contrast to the quenched ones—some precipitates may exist
before HPT, which stimulates the formation of deformation-induced defects, contributing to hardening.
Nevertheless, after HPT-processing, both the conditions—furnace-cooled and quenched—reached
almost the same hardness level.

4.3. The Effect of Post-HPT Heat Treatments on Strength

The most interesting observation in this work has been the additional substantial strength increase
due to a heat treatment, after HPT-processing at RT. Such an effect has been already reported by
Horky et al. [33] and Ojdanic et al. [34]. When thermally treating the samples for 1 h (Figure 8),
a significant hardness peak was observed for all the furnace-cooled and quenched Mg5Zn0.3Ca and
Mg5Zn samples at a temperature of around 100 ◦C (corresponding to T= 0.4 Tm); only Mg0.3Ca showed
a peak at 75 ◦C. This effect may be attributed to the fact that only in the latter alloy Zn was missing.

In further experiments the peak temperature of 100 ◦C was set constant, and the annealing time
was extended beyond 1 h (Figure 9), which revealed that hardness slightly increases up to 24 h and then
decreases. Further heat treatments with the same annealing times of 24 h were done for all alloys for
other annealing temperatures too (Figure 10). Again, like in case of only 1 h annealing, the significant
hardness peak was found for the annealing treatment at 100 ◦C.

To sum up, heat treatments at T = 100 ◦C can increase the hardness of the HPT-processed samples
by ~30% (for Mg5Zn0.3Ca and Mg5Zn) and even up to 75% for Mg0.3Ca. The alloys Mg5Zn0.15Ca
and Mg5Zn0.15Ca0.15Zr show no response to the heat treatments. For the non-processed samples,
hardness increases of up to 50% can be reached, starting from a much lower initial hardness level than
in case of all the HPT-processed samples, however.

4.4. The Effect of Precipitates on Strength

In principle, the possible increase of yield strength during heat treatment consists of grain
boundary strengthening, vacancy hardening and precipitation hardening, and can be written in a first
approximation as

Δσtotal = Δσgrains + Δσvacancies + Δσprecipitates (5)

As the grain size was observed to stay constant during the heat treatments considered in this work
(maximum 125 ◦C), changes of Δσtotal could only arise from Δσprecipitates and/or from Δσvacancies. For the
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estimation of contribution from precipitation hardening Δσprecipitates in Equation (5), we assume that all
precipitates are non-shearable and are spherical. By use of a modified Orowan Equation (6) [63], i.e.,

Δσprecipitates = M
0.84Gb

2π(1− ν)1/2l
ln

r
2b

(6)

the increase in yield strength Δσprecipitates can be estimated. In Equation (6), M means the
Taylor factor (M = 4.2 for random texture Mg [64]), G the shear modulus (G = 17 GPa), b the
Burgers vector (b = 0.32 nm), ν the Poisson’s ratio (ν = 0.33), l the average interparticle spacing
and r the average radius; for the following estimation, the values for l and r were taken from
STEM images shown in Figure 16b (status after HPT + heat treatment) and Figure 16a (status
after HPT only). The estimation leads to a difference of the yield strength due to precipitation
hardening of ΔσHPT + HT − ΔσHPT = 115 − 92 = 23 MPa between the two conditions investigated for
the furnace-cooled Mg5Zn0.3Ca samples. The measured difference, however, was 140 MPa; therefore,
the result of these calculations is that the difference in the precipitation states cannot explain the
extensive increase of the yield strength measured. The precipitates only contribute about 16% to the
total increase in yield strength.

4.5. The Effect of Vacancy Agglomerates on Strength

During HPT-processing, vacancies and dislocations are introduced to the sample’s lattice. With
increasing temperature during heat treatments, the vacancies form agglomerates [65]. Disc-shaped
agglomerates form on the close-packed basal planes of the hexagonal Mg lattice [66]. The disc collapses
if it is large enough and produces a prismatic dislocation loop. The Burgers vector of such a loop
is perpendicular to the plane of the loop, and the loop is therefore immobile. The formed loops
are exclusively located on the preferred slip planes of Mg and are therefore strong obstacles for the
movement of other dislocations.

Examples of hardening due to the agglomeration of deformation-induced vacancies have already
been given some years ago for single and polycrystals of hcp materials for moderate deformation
strains [67], and recently even for fcc materials [68,69]. With the latter, the increases in microhardness
and yield strength were between 5% and 10% and thereby considerably lower than those observed in
this and the recent study of Horky et al. [33]. This may be attributed to the hexagonal lattice of Mg,
which makes loop hardening particularly effective because of the coincidence of the loop planes with
the preferred dislocation slip plane.

HPT-processed samples provide a significantly higher number of vacancies than non-processed
samples in the IS; therefore, the hardness increase during heat treatments is much higher for these
samples than for the non-processed ones. The slight hardness increase of the samples in IS is mainly
caused by the comparably low number of precipitates (Figure 8) [34].

One interesting fact is that Mg0.3Ca also shows a hardness increase during heat treatments.
The peak temperature is around 75 ◦C and it represents a thermally-induced strength increase of 74%
for the HPT-processed sample, which is significantly higher than those measured for Mg5Zn0.3Ca
and Mg5Zn. For the other samples, heat treatments contributed ~30% to the increase of hardness.
Precipitates probably form in the Mg0.3Ca alloy during heat treatments, but further TEM analyses
need to be done.

Previous assumptions were that Zn atoms act as trapping sites for vacancies, but the experimental
data on Mg0.3Ca show that Zn alone cannot be responsible for the hardness increase due to
trapping-induced vacancy agglomeration. Samples with Ca content of 0.15% (Figure 10) showed
almost no increase in hardness during heat treatments when furnace-cooled. In this case the vacancies,
induced by HPT deformation, may have stayed single and did not agglomerate, even though there
was a Zn content of 5%; this is indicated by the vacancy concentrations cv for the DSC peaks I and
II shown in Tables 6 and 7, respectively. Obviously, the presence of Ca favors the formation of
vacancy agglomerates.
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As already reported in the previous Section 3, DSC and XPA measurements of furnace-cooled/
HPT-processed/heat-treated samples show very large concentrations of vacancies up to ~10−3;
(Tables 6 and 7). These start to migrate/agglomerate/anneal at the very temperature (70–100 ◦C)
where the largest values of microhardness appear. The present Kissinger analyses confirm this
conclusion as they exhibit an enthalpy between Q(I) = 0.7–1.3 eV, which agrees well with literature
values of vacancy migration enthalpies for Mg and Mg alloys, being 0.8–1 eV [37].

Moreover, it is well known from literature [30,68] that temperatures of peaks representing the
annealing of single or double vacancies do not shift with the deformation degree applied. In contrast to
that, the peak of dislocation annealing has been often found to shift to lower annealing temperatures the
higher the deformation is. This effect can be understood as stress-assisted annihilation of dislocations
because of their increasing stress field intensity due to increasing dislocation density at growing plastic
deformation (see, e.g., [70]). In the present cases, variations of Q(II) were indeed found (Figure 23a,c)
although occasionally at higher annealing temperatures as well. From this point of view, it is not
surprising that the span of measured Q(II) = 1.3–3.8 ± 0.3 eV for dislocation annealing was much
larger than that for vacancy annealing, Q(I). To substantiate these findings, a comparison with the
dependence of annealing peak temperature on the applied deformation strain is helpful, as those values
are known to be more accurate than those of activation enthalpies. Here, no such variations could
be observed (Figure 23b,d), indicating that there may have been defects other than dislocations, too.
When considering the evaluation of defect densities in this peak, vacancy concentrations of the order
10−4 could still be found, representing a substantial proportion of defects found in this peak II [30].

(a) (b)

(c) (d)

Figure 23. (a) Activation enthalpies Q as evaluated from DSC scans and peak temperatures
Tmax measured by DSC for different HPT-processed alloys: (a,b) Mg5Zn0.15Ca (full symbols) and
Mg5Zn0.15Ca0.15Zr (open symbols), and (c,d) Mg5Zn0.3Ca (full symbols) and Mg5Zn (open symbols),
all alloys as a function of torsional strain γT. The red symbols represent the migration enthalpies of
dislocation-type and agglomerate defects (peak II) and the black ones those of single/double vacancies
(peak I). Errors are about 0.1 eV for Q, and 5 ◦C for Tmax.
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A theoretical description of vacancy loop hardening (increase in yield strength Δσloops) of hexagonal
metals is given by Kirchner [71]:

Δσloops =
Gb
k

Nad3a−1 (7)

with N being the loop density (number of loops/m3); d the average loop diameter; and a and k constants
that depend on the ratio of loop distance (λ =N−1/3) to diameter d. G and b represent the shear modulus
and the Burgers vector, respectively. For a ratio λ/d > 10, the constants amount to a = 1/2 and k = 0.122;
otherwise, a = 4/3 and k = 0.001. According to Equation (7), the strengthening potential of loops is
higher if the loop density is larger.

Although we do not know the number and the size of the loops in our HPT-processed and
heat-treated samples, we can estimate the amount of loop hardening via Kirchner’s equation
(Equation (7)) by inserting the previously determined values for the vacancy concentration of
HPT-processed materials and by an assumption for d. The number of vacancies per loop (vacloop) and
the loop density N when assuming circular loops are given by

vacloop =
d2π

4b2 (8)

N =
cV

vacloop
(9)

where cv is the concentration of vacancies assuming that all of them form loops. For simulations of
the yield strength using Equation (7), the determined vacancy concentrations (Tables 6 and 7) were
used for each alloy, and average loop diameters of 10–100 nm were assumed. Figure 24 shows the
calculated dependence of theoretical yield strength on measured vacancy concentration for all alloys,
samples in the IS (furnace-cooled) and HPT-processed at room temperature.

Figure 24. Illustration of the increase of yield strength as a function of vacancy concentration for the
case of Mg5Zn alloy, samples of which were in the (IS (furnace-cooled) + HPT-processed) state.

The theoretical model predicts tremendously high increases in yield strength of up to 98 GPa (at
cv = 2 × 10−3 being the highest measured vacancy concentration), for the furnace-cooled materials
Mg5Zn0.3Ca and Mg5Zn0.15Ca. The lowest increase was found for the Mg0.3Ca alloy with around
16 GPa. Mg5Zn0.15Ca0.15Zr and Mg5Zn showed increases of around 39 GPa.

From a first perspective, those strength increases predicted by the model are far higher than the
experimentally measured ones: On the Mg5Zn0.3Ca alloy processed by HPT at low temperatures,
one can conclude that from the experimentally determined thermally-induced increase of yield strength
of 115 MPa, around 23 MPa were caused by precipitates. This means that about 92 MPa represents
hardening from vacancy agglomerates.
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Further simulations of strength increases due to loop hardening along Kirchner’s model were
done assuming fixed loop diameters at various fixed vacancy concentrations (Figure 25). The shaded
area represents the field which spans all strength increases measured by tensile tests after HPT and heat
treatment, for all materials investigated. The lines and full points represent fixed values of vacancy
concentrations (lines) and fixed values of loop diameters (points). In addition to the estimations
reported above, it is here even more evident that vacancy concentrations of the order of 10−5 at
maximum lead to the increased values of tensile strength measured. It means that the vacancy
concentrations 10−3 measured by DSC and XPA are far too high to account for these strength increases.
Obviously, a major part of the vacancies does not contribute to hardening as they were not part of
agglomeration and still stay single.

Figure 25. Increase of strength as a function of loop diameter at various vacancy concentrations.
The red shaded area represents the values all measured vacancy-induced strength increases found in
all materials which were investigated in this work.

4.6. The Effects of Processing Routes on Corrosion Behavior

Comparing now the corrosion properties of all alloys with all their microstructures, including
HPT and thermal treatments at 100 ◦C, it turned out that none of the treatments that produced
vacancies/vacancy agglomerates, dislocations and grain boundaries, had a significant impact on
corrosion properties. Even a 24 h heat treatment following the HPT-processing did not change the
corrosion rate or led to its increase. It can be concluded that the corrosion rate is much more affected
by the composition of the alloy. As a side result, even the implementation of IS state out of the as-cast
state decreased the corrosion rates of all materials studied here. It is expected that the dissolution of
primary precipitates decreases the corrosion rate by reducing micro-galvanic corrosion effects.

4.7. The Effects of Processing Routes on the Evolutions of Texture and Young’s Modulus

In general, the microindentation measurements of Young’s modulus E showed moderate changes
of E between the IS and all further treatments, being 18 GPa between all materials, and 14 GPa
at maximum within the same material. Apart from a general positive offset of the simulated data
compared to the measured ones because of an upper-limit calculation, the majority of simulations
followed the measured values of E, at least in all cases of HPT-deformation: E slightly increased with
increasing torsional strain γT, which increased the intensity of shear texture; the latter (and accordingly
also E) reached saturation at highest γT where steady state deformation sets in. Thermal treatment,
however, should not affect the texture and/or E as long as only recovery processes occur. On the
other hand, recrystallization processes must be involved when E changes during thermal treatment,
and when this change is also reflected in the simulation, like in the cases of (IS and heat-treated) samples
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shown in Figure 15. When the simulation does not follow the measured change of E during thermal
treatment (e.g., as seen during long-time thermal treatment of HPT 0.5 rot sample) we must suppose
the thermally-induced formation of a new phase which is perhaps not registered by XRD due to its
small volume fraction. At this point, we conclude the discussion because, as already mentioned, the
measured variations in E did not exceed 50 GPa which is still close to that of bone (E = 10–30 GPa) [72];
thus the requirements to avoid the stress-shielding effect [1] in implant applications were still fulfilled.

4.8. Tensile tests

When comparing the stress–strain curves of the alloys in the IS (furnace-cooled)/low-temperature
HPT-processing for 0.5 rotations (Figure 13), it can be seen that ductility was markedly reduced in
all the HPT-processed samples. After two or more rotations, the material became very brittle, as the
failure occurred right after the elastic limit. After additional heat treatment, the samples remained
very brittle. Since thermal treatments primarily launched the formation of vacancy agglomerates, it is
evident that those were responsible for this brittleness observed.

The values of ultimate tensile strength (UTS) derived from the tensile tests suggest comparing
them with the Vickers microhardness values (HV) as, according to literature [70,73], the UTS can be
related to HV as

HV = m×UTS (10)

with m as the so-called “Tabor factor.” For continuum materials or at least highly isotropic ones, m = 3,
as the result of the theory of stress distribution of a force on a semi-infinite body [73]. Inserting now our
measured data for UTS and HV, m turns out to be m = 4.2 with a relatively small standard deviation
of ± 0.5 confirming the validity of (11). The strong deviation to the continuum value m = 3 can be
explained by the fact that Mg alloys are typical examples of highly anisotropic materials. Therefore,
another constant value m of Equation (10) is expected at least unless the materials exhibit strong
textures [74].

5. Summary and Conclusions

The present study showed methods for the optimization of various MgZnCa alloys concerning their
strength and corrosion properties. Several Mg alloys (Mg5Zn0.3Ca, Mg5Zn0.15Ca, Mg5Zn0.15Ca0.15Zr)
have been investigated with respect to Vickers hardness, Young’s modulus, ductility and corrosion
properties, and the results were compared to investigations of two binary alloys, Mg5Zn and Mg0.3Ca.
The combined application of severe plastic deformation by HPT and heat treatments at low temperatures
provided the production of both special intermetallic precipitates and vacancy agglomerates and thus
tremendous increases of the alloy’s strength. Investigations were done using electron microscopes,
microhardness and nanoindentation testing, a microtensile testing facility, XRD and DSC.

Homogenization of all materials was followed by furnace cooling; the fraction of primary
precipitates could be reduced to below 1%, their size being close to 1 nm. The main results of our
investigations are the following:

(1) Microhardness increases of up to 250% after furnace cooling, further processing by HPT and/or
heat treatment could be reached.

(2) After those treatments, SEM and STEM investigations revealed complex precipitates, which
contribute only ~16% to the hardness increase; this is the result of estimations applying the
Orowan equation for precipitation hardening.

(3) Trying for the first time quantitative analyses of HPT-induced defects, DSC and XPA measurements
were undertaken which showed very large concentrations of vacancies (up to ~10−3;) in the
furnace-cooled/HPT-processed/heat-treated samples. These started to migrate/agglomerate/anneal
at the very temperature (70–100 ◦C) at which the largest microhardness appeared. Kissinger
analyses confirmed that conclusion, as they exhibit a vacancy migration enthalpy between
Q = 0.7–1.3 eV which agrees well with literature values for Mg and Mg alloys.
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(4) Theoretical calculations using Kirchner’s model indicated that about 1% of the HPT-induced
vacancies formed vacancy agglomerates which could account for the significant thermally-induced
hardness increases.

(5) Tensile tests showed that the samples were rather brittle due to the high number of vacancies
after HPT deformation and heat treatment. Elongations did not exceed 5%.

(6) The Young’s modulus varied slightly during the processing history because of deformation,
thermal treatment and second phase formation due to the evolutions of deformation textures and
precipitates, but still remained too small to cause stress shielding; its maximum increase with
regard to the homogenized state amounted to 15%.

(7) Corrosion tests showed that neither the formation of vacancy agglomerates, dislocations and
grain boundaries nor that of precipitates has a significant effect on corrosion rate. Mainly, the
composition of biomedical binary or ternary Mg-alloys controls the corrosion rate.
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22. Bryła, K.; Horky, J.; Krystian, M.; Lityńska-Dobrzyńska, L.; Mingler, B. Microstructure, mechanical properties,
and degradation of Mg-Ag alloy after equal-channel angular pressing. Mater. Sci. Eng. C 2020, 109, 110543.
[CrossRef] [PubMed]

23. Bryła, K.; Krystian, M.; Horky, J.; Mingler, B.; Mroczka, K.; Kurtyka, P.; Lityńska-Dobrzyńska, L. Improvement
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Abstract: Metastable β-Ti alloy Ti-15Mo was prepared by cryogenic ball milling in a slurry of
liquid argon. Material remained ductile even at low temperatures, which suppressed particle
refinement, but promoted intensive plastic deformation of individual powder particles. Repetitive
deformation of powder particles is similar to the multidirectional rolling and resembles bulk severe
plastic deformation (SPD) methods. Initial and milled powders were compacted by spark plasma
sintering. Sintered milled powder exhibited a refined microstructure with small β-grains and
submicrometer sized α-phase precipitates. The microhardness and the yield tensile strength of the
milled powder after sintering at 850 ◦C attained 350 HV and 1200 MPa, respectively. Low ductility
of the material can be attributed to high oxygen content originating from the cryogenic milling.
This pioneering work shows that cryogenic milling followed by spark plasma sintering is able to
produce two-phase β-Ti alloys with refined microstructure and very high strength levels.

Keywords: metastable β-Ti alloys; powder metallurgy; cryogenic milling; spark plasma sintering

1. Introduction

Metastable β-alloys constitute a specific group of Ti alloys in which none of the α-phase, α’-phase
or α”-phase form after quenching from a temperature above the temperature of β-transus (774 ◦C for
Ti-15Mo [1]). β-Ti alloys are widely used in the aircraft industry due to their high specific strength [2].
Utilization of these alloys in biomedicine is also expected [3]. Currently, Ti-6Al-4V is a commonly used
alloy for biomedical implants manufacturing, despite vanadium being considered as a toxic element [4].
Therefore, Ti-15Mo, which contains only biocompatible elements, is a perspective biocompatible
alternative. Furthermore, β-Ti alloys in β-solution treated condition exhibit lower modulus of elasticity,
which is closer to that of a human bone [5].

Mechanical properties of metastable β-Ti alloys can be further improved by thermomechanical
treatment. Both microstructure refinement and precipitation ofα-phase increase the strength of the alloy.
α-phase particles precipitate typically at temperatures in the range of 500–750 ◦C. During this phase
transformation, so-called element partitioning occurs. β-stabilizing elements (molybdenum (Mo),
niobium (Nb), vanadium (V), etc.) diffuse from the growing α-phase particles to the surrounding
β-matrix [6,7]. In addition to α and β-phase, metastable ω-phase can also occur in some metastable
β-alloys including Ti-15Mo alloy. During quenching, so-called ωath (athermal) forms by a displacive
transformation. When annealing at temperatures in range 250–450 ◦C, ωiso (isothermal) forms by
a diffusional transformation [8]. ω-phase also strengthens the material.

Powder metallurgy is an alternative and often more suitable way of producing titanium alloys [9,10].
Due to the possibility of near-net-shape processing, the material waste and costs associated with the
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material processing are reduced. Spark plasma sintering (SPS) was used as a compaction method in
this study. During SPS, the powder is compacted by pulse electric current and the powder particles are
joined together by the Joule heat. The sintering therefore occurs primarily at the point of contact of
powder particles [11]. Therefore, lower temperatures and shorter times are sufficient for compaction
in comparison to other compaction methods. Utilization of SPS for compaction helps therefore to
preserve the fine microstructure and restrict the grain growth [11,12].

Elemental powders, master alloys or pre-alloyed powder can be used for sintering. Sintering
of elemental powders or master alloys must provide alloying (homogenization) of the material and
therefore high sintering temperatures (1200–1700 ◦C) must be used for processing of metastable β-Ti
alloys due to high melting points of β-stabilizing elements and their low diffusivity [2,13]. On the
other hand, successful compaction of pre-alloyed powder can be achieved at temperatures comparable
to the temperature of β-transus of an alloy [14].

Besides the parameters of sintering, the final bulk material is also affected by the shape, the size
and the microstructure of powder particles [14]. Mechanical milling is commonly used to fragment
powder particles [15]. In this study, intensive ball milling at cryogenic temperatures was used.
Cryogenic temperatures are often used for milling of organic materials to ensure their brittleness [16].
In metallic materials, cryogenic temperatures help to suppress dynamic recovery and recrystallization
and to achieve very refined microstructure [17].

Cryogenic milling employing the Szegvari type attritor has been previously applied to
commercially pure titanium [18–21]. It was found that titanium remains ductile even at cryogenic
temperatures (unless contaminated by nitrogen [21]) and powder particles are not significantly
refined [22]. On the other hand, powder particles are significantly deformed by repetitive plastic
deformation [15,22,23]. In our previous study we proved that deformation by ball milling resembles
the multi-directional forging and causes grain refinement [24]. In this respect, mechanical milling can
be regarded as a method of severe plastic deformation (SPD). Various metastable β-Ti alloys have been
prepared by SPD methods and improvement of strength was reported [25,26]. Recently the Ti-15Mo
alloy was prepared by high pressure torsion (HPT), which caused the grain refinement and an increase
of dislocation density [27,28]. On the other hand, HPT samples are very small and thermal stability of
ultra-fine grained Ti alloys prepared by SPD methods is limited [29,30]. Similarly to bulk SPD methods,
grain size after cryogenic milling can be reduced to tens of nanometers as shown for commercially
pure Ti (CP Ti) in [22]. However, the grain size in CP Ti significantly increases after sintering due to
recrystallization [24].

Ti-15Mo pre-alloyed powder was milled in liquid argon slurry. Note that liquid nitrogen cannot be
used, because N atoms diffuse into the powder during milling causing embrittlement [21,31]. In order
to prevent cold welding of the powder to the milling tank, shaft and balls, a process control agent such
as stearic acid must be added to it [15,22].

Milled powder was subsequently sintered at temperatures in the range of 750–850 ◦C for 3 min.
For comparison, initial gas atomized powder was sintered using the same parameters. Due to the fact that
titanium is a strong gatherer of nitrogen and oxygen, some contamination is unavoidable during powder
metallurgy processing [22,32]. Therefore, contamination by oxygen, nitrogen (and possibly by carbon
and hydrogen) must be always monitored in order to assess strengthening mechanisms appropriately.

2. Materials and Methods

Ti-15Mo powder was prepared by gas atomization and supplied by TLS Technik GmbH and Co.
Spezialpulver KG, Bitterfeld-Wolfen, Germany.

The milling was performed for 4 h at 700 revolutions per minute (RPM) milling speed in
Union Process 01-HD (Union Process, Akron, OH, USA) attritor (1400 cm3) device in liquid argon.
Stainless steel balls of a diameter 6.35 mm and ball to powder ratio (BPR) 16:1 were used. 1.8 g of stearic
acid was added into 180 g of Ti-15Mo powder as a process control agent to prevent cold welding.
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Both gas atomized (initial) and cryo-milled (referred to as milled) powders were compacted by
a spark plasma sintering (SPS) device by FCT Systeme GmbH (Rauenstein, Germany). The sintering
was performed for 3 min in the temperature range from 750 ◦C to 850 ◦C. The temperature was
measured by a thermocouple inserted into the graphic die 4 mm from the sintered sample. The powder
was compressed by a pressure of 80 GPa and heated 50 ◦C below the desired temperature always in one
minute (heating rates were from 700 ◦C/min to 800 ◦C/min depending on the sintering temperature).
The sample was subsequently heated up to the desired sintering temperature with the heating rate
of 100 ◦C/min. These two steps were designed to avoid temperature overshooting. The example of the
temperature and pressure evolution during sintering at the temperature of 750 ◦C is shown in Figure 1.
The cooling was not actively controlled.

Figure 1. An example of the temperature and pressure evolution during the sintering process.

Scanning electron microscope (SEM) observations were performed with the scanning electron
microscope FEI Quanta 200F (FEI, Hillsboro, OR, USA). For this purpose, both initial and milled
powders were simply stuck on a conductive foil. Bulk samples for SEM microstructural observations
were prepared by standard mechanical grinding and polishing followed by the three step vibratory
polishing. Fracture surface after tensile tests were also observed.

The fraction of the α-phase and porosity of samples were determined by image analysis in ImageJ
(version 1.52r, Wayne Rasband, Research Services Branch, National Institute of Mental Health, Bethesda,
MD, USA). For this purpose, 10 micrographs of size of about 1000 μm2 from each sample were made
by a scanning electron microscope FEI Quanta 200F operated at 10 kV and at 5 kV in case of sintered
initial powder and sintered milled powder, respectively. The fraction of the α-phase was determined
from electron back-scatter (BSE) micrographs. Porosity of samples sintered from initial powder was
determined by image analysis from secondary electron (SE) micrographs. The very low overall porosity
of sintered milled powder disallowed its determination by image analysis. The Archimedes method
was used instead. The error of this measurement is given only by the precision of the sample weighing,
which is 0.5 mg. For comparison, the porosity of the initial powder sintered at 800 ◦C was measured by
both methods. It was found that image analysis underestimates the overall porosity and Archimedes
method proved to be more reliable. Porosity of sintered initial powder was therefore calibrated
according to the porosity of the initial powder sintered at 800 ◦C.

Contamination of material by oxygen was determined in powders as well as in selected sintered
samples by carrier gas hot extraction (CGHE). The microhardness was measured by the Vickers method
(0.5 kgf load, 30 indents per sample) using Qness Q10a (Qness, Golling, Austria) instrument with
automatic evaluation of the measurement.

113



Metals 2019, 9, 1280

X-ray diffraction (XRD) measurements were performed on a Bruker D8 Advanced diffractometer
(Bruker AXS, Karlsruhe, Germany) in Bragg–Brentano geometry using Cu Kα radiation, λ = 1.54051 Å,
variable divergence slits and a Sol-X detector. Bragg–Brentano geometry is an arrangement in which
the incident and diffracted beams are focused on a circle with the measured sample in the middle.
Diffraction patterns were collected at room temperature in the 2 range from 30◦ to 130◦ with a step
size of 0.02◦ and an exposure time of 5 s/step. The patterns were fitted and refined employing le Bail
algorithm with a pseudo-Voigt profile using program Jana2006 (V. Petríček, M. Dušek and L. Palatinus,
Institute of Physics Academy of Sciences, Prague, Czech Republic).

The position of the flat dog-bone shaped tensile sample in the sintered tablet is shown in Figure 2.
The sample was 20 mm long and its gauge length was 5 mm. The total width was 7 mm while the
gauge length and thickness were 1.2 mm and 1 mm, respectively. The diameter of the hole for the
pin was 2.3 mm. The “bricks” in Figure 2 symbolize arrangement of flat milled powder particles in
the tensile sample caused by their stacking in the sintering die [24]. Tensile tests were performed at
Instron 5882 machine. The constant crosshead velocity was 0.03 mm/s, resulting in the initial strain
rate of

.
ε = 10−4s−1.

Figure 2. A position of tensile sample in a sintered tablet/cylinder (the green line is described in a
discussion of tensile tests below).

3. Results and Discussion

3.1. Cryogenic Milling

The SEM micrograph of gas atomized Ti-15Mo powder is shown in Figure 3a. The initial
gas-atomized powder particles are ball-shaped with the size from several μm up to 30 μm.
Powder particles after cryomilling are shown in Figure 3b. Powder particles were not refined
by cryomilling due to high ductility of titanium and its alloys even at low temperatures [22].
Powder particles were, however, plastically deformed and changed their shape from balls to disks.
The size of disk-shaped powder particles is up to around 50 μm.

The contamination by oxygen (shown in Table 1) increased during milling from 0.20 wt. % to
0.78 wt. % despite milling in inert atmosphere of liquid argon. It was previously shown that handling
powders in a glove box does not reduce the contamination significantly and therefore it is assumed
that contamination origins from the milling [16]. Contamination during milling can be caused both by
addition of the process control agent—the stearic acid—and by contamination from the used liquid
argon, which may contain some trace amount of oxygen. It has been calculated that adding of 1 wt. %
of stearic acid can cause contamination by oxygen by 0.11 wt. %. On the other hand, almost 100 L of
99.999% purity argon was used to mill 180 g of powder. The total content of oxygen in the liquid argon
(Ar) corresponds to about 0.5 wt. % of oxygen in the milled powder. Some additional oxygen may be
also absorbed.
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Figure 3. Scanning electron microscopy (SEM) micrographs of (a) initial powder and (b) milled powder.

Table 1. Contamination of initial and milled powder by oxygen.

Sample Oxygen (wt. %)

Initial powder 0.20
Milled powder 0.78

3.2. Spark Plasma Sintering

Contamination of samples sintered at 750 ◦C and 850 ◦C is shown in Table 2. The content of
oxygen in the initial powder slightly increased after sintering, while in the milled powder, it decreased
due to the decomposition of stearic acid at high temperatures. The sintering temperature did not have
a significant effect on contamination by oxygen for both initial and milled powders.

Table 2. Contamination of sintered samples by oxygen.

Sample Oxygen (wt. %)

Initial sintered at 750 ◦C for 3 min 0.267

Initial sintered at 850 ◦C for 3 min 0.246

Milled sintered at 750 ◦C for 3 min 0.572

Milled sintered at 850 ◦C for 3 min 0.601

Figure 4 shows BSE micrographs of sintered powders. Black areas in these BSE figures are
α-phase, pores and impurities from polishing. In order to analyze images, these three phenomena
were distinguished using SE observation. SE micrographs of the same areas as in Figure 4 are shown
in Figure 5. In SE signal, pores are black, impurities from polishing are white and the α-phase is grey.

SEM micrographs of initial powder sintered at 750 ◦C and at 850 ◦C are shown in Figures 4 and 5.
Initial powder sintered at 750 ◦C (Figures 4a and 5a) contains a significant amount of α-phase while
initial powder sintered at 850 ◦C (cf. Figures 4b and 5b) contains only a small amount of grain boundary
α-phase and black areas in BSE micrographs are mostly impurities from polishing. BSE micrographs of
milled powder sintered at 750 ◦C and at 850 ◦C are shown in Figure 4c,d, respectively and in Figure 5c,d,
respectively. Sintered milled powder has finer microstructure and contains higher amount of α-phase
in comparison with the initial one. With increasing sintering temperature the microstructure coarsens
and the fraction of α-phase decreases.
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Figure 4. Examples of back-scattered electrons (BSE) micrographs (a) initial powder sintered at 750 ◦C,
(b) initial powder sintered at 850 ◦C, (c) milled powder sintered at 750 ◦C and (d) milled powder
sintered at 850 ◦C.

Figure 5. Examples of secondary electrons (SE) micrographs (a) initial powder sintered at 750 ◦C,
(b) initial powder sintered at 850 ◦C, (c) milled powder sintered at 750 ◦C and (d) milled powder
sintered at 850 ◦C.
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The fraction of α-phase was determined by image analysis from SEM observations.
Ten micrographs were analyzed for each sample. The results of this analysis are summarized
in Figure 6. The conclusions from SEM observations were confirmed by image analysis. All sintered
conditions contained a significant fraction of the α-phase, except for the initial powder sintered
at 850 ◦C. As both sintering temperatures of 800 ◦C and 850 ◦C were above the reported temperature
of β-transus (774 ± 14 ◦C) [1], α-phase should not precipitate during sintering. However, especially
the milled powder was contaminated by oxygen, which is an α-stabilizing element and as such it
increases the temperature of β-transus. This effect was studied in [31,33] both in Ti-Mo-Cr alloys and
in pure Ti. It was found, that 0.4 wt. % of oxygen may increase the temperature of β-transus by 50 ◦C.
The temperature of β-transus of milled powder can be therefore well above 800 ◦C. Therefore, in the
initial powder sintered at 750 ◦C and in milled powder sintered at 750 ◦C and 800 ◦C, α-phase could
precipitate during sintering. In initial powder sintered at 800 ◦C and 850 ◦C and in milled powder
sintered at 850 ◦C, α-phase precipitated during cooling. High imposed strain in the milled powder
provides preferential nucleation sites (dislocations and grain boundaries) for α-phase nucleation and
enhances the diffusion promoting the growth of α-phase precipitates [34]. Both these effects—the
higher contamination by oxygen and enhanced precipitation of α-phase due to milling—explain the
higher amount of α-phase in the sintered milled powder compared to the initial one.

Figure 6. The evolution of α-phase content (vol. %) in sintered samples with sintering temperature.

The fraction of the α-phase decreased with increasing sintering temperatures for both sintered
powders. The driving force for α-phase precipitation during sintering decreased as the temperature
approached the temperature of β-transus. The amount of α-phase precipitated during cooling was
clearly lower at higher temperatures.

The porosity of sintered both initial and milled powders depending on the sintering temperature is
shown in Figure 7. Porosity of the initial powder decreased with increasing sintering temperature, while
porosity of milled powder remained almost constant at all sintering temperature and was very low even
at low sintering temperature. While high sintering temperature of 850 ◦C was necessary for sintering
of the initial powder, the milled powder was well-sintered already at the lowest sintering temperature
of 750 ◦C. It was caused mainly by different shapes of powder particles—the disk-shaped particles after
milling are well stacked on each other and have also the higher surface area enhancing the efficiency
of sintering as compared to ball particles in the initial powder. As a consequence, lower sintering
temperatures were therefore sufficient to obtain fully compacted material. Moreover, the milled powder
was better sintered due to enhanced diffusivity in the severely deformed and refined material [34].
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Figure 7. Porosity of sintered initial and milled powder as a function of the sintering temperature.

The dependence of the microhardness on the sintering temperature for both initial and milled
powder is shown in Figure 8. Microhardness was affected by residual porosity, by the contamination
by oxygen and also by the content of both α-phase and ω-phase. While a decrease of porosity causes
an increase in microhardness [19], a decrease in the oxygen content and in the amount of α-phase
generally causes a decrease in microhardness [28,35]. The microhardness of sintered initial powder
significantly increased with increasing sintering temperature, which was consistent with the decrease
of the residual porosity. On the other hand, the amount of α-phase decreased with increasing sintering
temperature. However, one might argue that the decrease in the amount of α-phase was compensated
by an increase in amount of ω-phase. During cooling after sintering (cf. Figure 1), the Ti-15Mo alloy
passes firstly through a region of α-phase precipitation in the temperature region of 750–500 ◦C [8,36];
and then through a region of ω-phase formation in the range of 450–250 ◦C [37]. One may therefore
assume that ω-phase forms during cooling in the material sintered from the initial powder. On the
other hand, the milled powder contained a considerable volume fraction of α-phase. In this case,
the remaining β-matrix contained a higher amount of molybdenum due to element partitioning and
was therefore comparatively more β-stabilized. Hence, the driving force for ω-formation was lower
and the material with the higher amount of α-phase contained the lower amount of the ω-phase and
vice versa.

This hypothesis was confirmed by XRD measurement of two conditions: samples sintered at 850 ◦C
from the initial powder and the milled powder. Measured patterns are shown in Figure 9 along with
LeBail fits, which allow only qualitative comparison of phase composition. Sintered initial powder
contained considerable amount of ω-phase (highlighted by white arrows), while no ω phase was
observed in the sintered milled powder. Milled condition contained substantial amount of α phase,
which is consistent with SEM observations.

Sintered milled powder had a finer microstructure, higher contamination by oxygen, lower residual
porosity and contained higher fraction of α-phase, in comparison with the sintered initial powder.
All these effects contributed to the increased microhardness. However, as confirmed by XRD
measurements, sintered milled powder did not contain the ω-phase. The microhardness of the sintered
milled powder was therefore not enhanced in comparison with the initial powder (sintered at 850 ◦C)
despite its refined microstructure. Coarsening of the microstructure (cf. Figure 5) and the decrease of the
amount of α-phase with increasing sintering temperature (cf. Figure 6) did not affect microhardness of
milled conditions. The dominant factor affecting microhardness might be increased oxygen content [38].
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Figure 8. The temperature dependence of microhardness of sintered samples from initial and
milled powder.

Figure 9. The x-ray diffraction (XRD) patterns of initial and milled powder sintered at 850 ◦C.
Measured data are shown by black lines. LeBail fits are shown in color. White arrows point to the most
pronounced peaks of ω-phase, black arrows highlight the most intensive α-phase peaks.

The maximum microhardness of both sintered powders was about 350 HV. It corresponds to
the microhardness of α + β-structured Ti-15Mo prepared by conventional processing routes [35].
The microhardness of refined Ti-15Mo prepared by bulk SPD methods can be as high as 500 HV [28].

The results of tensile tests for selected samples are shown in Figure 10. For each sample, two
specimens were deformed (noted as spec. 1 and spec. 2 in the Figure 10) and all successfully measured
curves are shown. The flow curve for the milled powder sintered at 750 ◦C could not be shown, because
the sample failed already in the elastic region. Milled powder sintered at 850 ◦C had comparable yield
stress to the initial powder sintered at the same temperature. However, the initial powder sintered
at 750 ◦C had lower yield strength. This was consistent with the microhardness measurement and
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could be explained the same way, namely by the concurrent effect of porosity, oxygen contamination,
microstructure and phase composition. The yield strength of both powders sintered at 850 ◦C was
around 1200 MPa. In comparison, coarse grained Ti-12Mo after two step ageing containing both β

and α-phase possess yield strength of 1000 MPa [39]. Moreover, severely deformed metastable β-alloy
TNTZO containing no α-phase had comparable yield strength over 1100 MPa [40].

Figure 10. Tensile tests: true stress–true strain curves.

Figure 11 shows a photo of tensile samples after testing. Sintered initial samples broke properly
in the active part as marked by red (a) and green (b) arrows in Figure 11. On the other hand, none
of the sintered milled powder samples broke in the middle of the active part, as marked by blue (c),
yellow (d) and violet (e) arrows in Figure 11. This fact can be explained using the sketch in Figure 2.
The cross section of the gauge length was only slightly smaller than the distance between the side of
the sample and the holding pin hole as noted by the green line in Figure 2. This would not cause any
problem in a standard isotropic material sintered from the initial powder. However, due to stacking of
milled powder particles in the sintering die, the material was clearly stronger in the direction parallel
to the tensile sample (i.e., perpendicular to the load during sintering). As the result, these samples
failed near the pin hole because the flat powder particles were delaminated.

Figure 11. A photo of deformed tensile samples. Letters (a–e) correspond to the SEM images in
Figure 12.
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Figure 12. Fracture surfaces of selected specimens after tensile tests: (a) initial powder sintered at 750 ◦C;
(b) initial powder sintered at 850 ◦C; (c) milled powder sintered at 750 ◦C; (d) milled powder sintered
at 850 ◦C and (e) milled powder sintered at 850 ◦C-parallel to the powder particles.

This hypothesis was confirmed by SEM micrographs of fracture surfaces shown in Figure 12.
The corresponding specimen and the position of SEM micrograph on the specimen is shown in Figure 11
by colored arrows. The fracture surface of initial powder sintered at 750 ◦C is shown in Figure 12a
and corresponds to the region marked by the red arrow (a) in Figure 11. The initial round powder
particles are clearly visible in Figure 12a. The sample was not fully sintered and the powder particles
were joined only at the point of their contact.

A fracture surface of initial powder sintered at 850 ◦C corresponding to the zone marked by the
green arrow (b) in Figure 11 is shown in Figure 12b. It shows a well sintered sample. No pores or initial
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powder particles were visible and the fracture was typical ductile. Figure 12c,d shows fracture surfaces
of milled powder sintered at 750 ◦C and at 850 ◦C, respectively. They correspond to zones marked by
blue and yellow arrows (c) and (d) in Figure 11, respectively. The fracture surfaces were completely
different from those of sintered initial powder. Observed features were significantly finer in the
Figure 12c (sintered at 750 ◦C) when compared to the Figure 12d (sintered at 850 ◦C), which corresponds
well to the observed microstructures in Figure 5c,d. Highlighted regions by ellipses in Figure 12c,d
corresponded to zones where a disk-shape powder particle was pulled out. Finally, Figure 12e shows
a fracture surface of milled powder sintered at 850 ◦C oriented parallel to the powder particles as
marked by a violet arrow (e) in Figure 11. In this SEM micrograph, planes corresponding to the surfaces
of disk-shaped powder particles were visible. Milled powder particles were detached by the flat side
of milled disk-shaped powder particles. These observations support our previous assumption of the
possible delamination of powder particles.

Although well-sintered powders were ductile, the elongation of all sintered material was very poor,
reaching maximum plastic strain of 3%. Commercial bulk Ti-15Mo alloy has a minimum elongation
of 10% in aged α + β condition [1]. In similar Ti-12Mo alloy, the elongation of the α + β condition
and the β condition was 9% and 50%, respectively [39]. Low ductility of sintered initial powder could
be caused by the presence of pores and ω-phase, which results in the embrittlement of the material.
Moreover, oxygen causes the embrittlement of α-phase. This phenomenon can affect the ductility
especially in sintered milled powder, which is severely contaminated by oxygen and simultaneously
contains high amount of α-phase.

4. Conclusions

In this work, metastable β-Ti alloy Ti-15Mo was prepared by cryogenic milling and subsequent
spark plasma sintering. Microhardness measurements and tensile tests were performed to determine
mechanical properties of achieved materials.

• Cryogenic milling changed initial ball-shaped powder particles into disk-shaped ones. Powder
particles were not refined, but they were intensively deformed, similarly to severe plastic
deformation methods (SPD).

• The microstructure of the sintered milled powder consisted of β-grains with the size in range of
few micrometers and submicrometer α-phase precipitates.

• The microhardness reached 350 HV and was affected by residual porosity, microstructure,
contamination by oxygen and phase composition.

• Both sintered powders possessed the high yield tensile strength of 1200 MPa, but very low ductility.
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Abstract: In this work, the formation and thermal stability of the ω-Ti(Fe) phase that were produced
by the high-pressure torsion (HPT) were studied in two-phase α-Ti + TiFe alloys containing 2 wt.%,
4 wt.% and 10 wt.% iron. The two-phase microstructure was achieved by annealing the alloys at
470 ◦C for 4000 h and then quenching them in water. Scanning electron microscopy (SEM) and X-ray
diffraction (XRD) were utilized to characterize the samples. The thermal stability of the ω-Ti(Fe) phase
was investigated using differential scanning calorimetry (DSC) and in situ high-temperature XRD. In
the HPT process, the high-pressure ω-Ti(Fe) phase mainly formed from α-Ti. It started to decompose
by a cascade of exothermic reactions already at temperatures of 130 ◦C. The decomposition was
finished above ~320 ◦C. Upon further heating, the phase transformation proceeded via the formation
of a supersaturated α-Ti(Fe) phase. Finally, the equilibrium phase assemblage was established at
high temperatures. The eutectoid temperature and the phase transition temperatures measured in
deformed and heat-treated samples are compared for the samples with different iron concentrations
and for samples with different phase compositions prior to the HPT process. Thermodynamic
calculations were carried out to predict stable and metastable phase assemblages after heat-treatments
at low (α-Ti + TiFe) and high temperatures (α-Ti + β-(Ti,Fe), β-(Ti,Fe)).

Keywords: Ti–Fe; high-pressure torsion; microstructure; high-temperature XRD; differential scanning
calorimetry; phase diagram; CalPhaD

1. Introduction

Titanium and titanium-base alloys are promising materials for numerous engineering applications,
because they have several outstanding properties [1]. In particular, binary Ti–Fe alloys are in the focus
of ongoing research as materials for biomedical applications, because they possess excellent corrosion
resistance, high wear resistance, biocompatibility, and appropriate mechanical properties, for instance,
a low elastic modulus in comparison with other biocompatible metallic materials [2–4]. Furthermore,
the binary intermetallic phase TiFe has been presented as a possible material for solid-state hydrogen
storage applications [5,6]. Some methods of severe plastic deformation (SPD), such as ball milling
and high-pressure torsion (HPT), were utilized to reduce the surface oxidation and to activate the
material in order to improve the hydrogen storage properties of TiFe [7,8]. Originally, the SPD methods
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were utilized to generate bulk nanocrystalline materials that show, in many cases, better physical and
mechanical properties than their microcrystalline counterparts [9,10]. Later, it turned out that the
unique properties are also facilitated by diffusive and displacive (martensitic) phase transformations,
which occur in the material during the HPT process [11–13]. However, the mechanism of the phase
transformations and the influence of the initial microstructure on the phases formed after HPT are not
fully understood yet.

In the unary Ti system, titanium exists in three modifications: as hexagonal α-Ti (space group
(SG) P63/mmc) that is stable at low temperatures, as cubic β-Ti (SG: Im3m), which is stable at high
temperatures, and as hexagonal ω-Ti (SG: P6/mmm), which is stable at high pressures. In the binary
Ti–Fe system, two intermediate intermetallic phases TiFe (SG: Pm3m) and TiFe2 (SG: P63/mmc) are
formed in addition to the phases that are summarized above and in addition to α-Fe/δ-Fe (SG: Im3m)
and γ-Fe (SG: Fm3m). Furthermore, at least two metastable phases, which are formed during a
martensitic transformation upon quenching from the bcc-type β-(Ti,Fe) solid solution, were reported
in the Ti-rich part of the Ti–Fe system. The first one is a close-packed hexagonal α´-Ti phase (SG:
P63/mmc) [14–17], which is observed in Ti-rich alloys (>95 wt.% Ti), the other one is the so-called
athermal ω-Ti(Fe) phase that exists and in a limited compositional range between 97 wt.% and 95 wt.%
Ti [18–22]. For higher Fe concentrations (and lower Ti contents), β-(Ti,Fe) is retained as a metastable
phase in the alloys.

Phase transitions and respective transformation pathways that were induced by high-pressure
torsion were reported for Ti-rich Ti–Fe alloys containing 1–10 wt.% Fe in different initial states
(as-cast [23] and heat-treated [24–28]), and, thus, for different phase compositions prior to the HPT
process. The as-cast alloys contained a mixture of α-Ti and β-(Ti,Fe) that were partially transformed
into ω-Ti(Fe) during the HPT process. The heat treatments were performed almost exclusively above
the eutectoid temperature of ~595 ◦C (β-(Ti,Fe)� α-Ti + TiFe) [14], i.e., in the single-phase β-(Ti,Fe) or
in the two-phase α-Ti + β-(Ti,Fe) regions. After annealing, the samples were quenched in water. The
retained amount of the high-pressure ω-Ti(Fe) phase after HPT and the transformation pathway varied,
depending on the initial phase fractions and the chemical compositions of the quenched phases [26].
Heat-treated alloys with Fe contents below 4 wt.% contained α′-Ti martensite and/or metastable
β-(Ti,Fe) after quenching [24–28]. During HPT, α′-Ti and β-(Ti,Fe) transformed partially to ω-Ti(Fe).

The Fe content in β-(Ti,Fe) depends on the overall Fe concentration in the Ti–Fe alloys and it
can vary in a relatively broad range. However, if β-(Ti,Fe) contains ~4 wt.% Fe, athermal ω-Ti(Fe)
can be formed within the β-(Ti,Fe) grains after quenching [28,29]. The phase transformation β-(Ti,Fe)
→ω-Ti(Fe) is promoted for an iron content about 4 wt.% Fe, because both crystal structures possess
a strong orientation relationship (OR) {111}β||(0001)ω and 〈110〉β||〈1120〉ω [18,22], and because the
atomic distances within the habitus planes match perfectly together at this composition. Thus, this
phase transformation proceeds diffusionless by shearing the crystal structure of β-(Ti,Fe) in the HPT
process [26]. For lower Fe contents (≤2 wt.% Fe), the HPT process induces an incomplete ω-Ti(Fe)
phase transition [25,28], because the transition of α′-Ti to ω-Ti(Fe) dominates the phase transformation
process, which involves the redistribution of iron atoms between α′-Ti and ω-Ti(Fe). The mass transfer
impedes finally the phase transformation [26,28].

So far, the thermal stability of HPT-induced ω-Ti(Fe) was predominantly investigated in the
samples, which were annealed above the eutectoid temperature (~595 ◦C) prior to the HPT process and
that contained α-Ti, β-(Ti,Fe) and ω-Ti(Fe) in different ratios after the HPT treatment [27,28]. In these
samples, the HPT-induced ω-Ti(Fe) phase transformed upon heating at 380 ◦C into a supersaturated
hexagonal α-Ti(Fe) phase. Above 600 ◦C, α-Ti(Fe) decomposed into the equilibrium phases α-Ti and
β-(Ti,Fe), whose fraction varied with the overall composition of the alloy [27].

The thermal stability of ω-Ti(Fe) that was generated by HPT in samples annealed below the
eutectoid temperature, i.e., in the α-Ti + TiFe two-phase region, was not investigated in detail yet.
Thus, only very little is known regarding the phase transformations in the Ti–Fe alloys with this
phase composition. Still, in Reference [24], the binary alloy Ti-4Fe (4 wt.% Fe) was heat-treated
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below the eutectoid temperature at 470 ◦C for 750 h and subsequently subjected to HPT. After initial
annealing, this alloy contained a mixture of the α-Ti and TiFe phases, which partially transformed
into ω-Ti(Fe). Thus, the HPT-deformed microstructure consisted of α-Ti, TiFe and ω-Ti(Fe). In the
present work, the HPT-induced formation of ω-Ti(Fe) in initially two-phase alloys (α-Ti + TiFe) is more
systematically studied and the stability of the metastable ω-Ti(Fe) phase is investigated upon heating.
The transformation pathway was derived from the results of in situ high-temperature X-ray diffraction
(HTXRD) and thermal analysis (TA). The experiments were complemented by pressure-dependent
thermodynamic calculations that were based on the CalPhaD (calculation of Phase Diagrams) approach,
which helped to understand the phase transformations in this system during deformation and heating.

2. Materials and Methods

In the frame of the present work, three alloy compositions (Ti-2Fe, Ti-4Fe, and Ti-10Fe) were
prepared and investigated. The numerical values give the iron concentrations in wt.%. The alloys
were produced by induction melting of pure materials (Ti: 99.9% and Fe: 99.97%) in vacuum. The cast
rod-shaped samples (10 mm in diameter) were cut into the disks of 0.7 mm thickness, which were
polished, etched, and annealed for 4000 h at 470 ◦C in vacuum and subsequently quenched in water.
The annealing was carried out in sealed fused silica ampoules, which were evacuated up to the pressure
of 4 × 10−4 Pa. The heat-treated samples were deformed by high-pressure torsion (HPT, five rotations)
in a Bridgeman anvil-type press (Klement, Lang, Austria). The HPT process was carried out at an
ambient temperature, at a pressure of 7 GPa and with the deformation speed of 1 rpm while using a
computer-controlled HPT device.

The oxygen content in the samples was determined using carrier gas hot extraction (CGHE) after
the HPT process and after the HTXRD measurements. For the CGHE analyses, the GALILEO G8
device (Bruker AXS, Karlsruhe, Germany) was used. The measurements were performed in a graphite
crucible while using He as the carrier gas. Before each measurement, the samples were dipped in
diluted HCl acid to remove oxide layers from the sample surface. The spatial distribution of the phases
was obtained from the scanning electron micrographs for both heat-treated and deformed states. The
SEM images were recorded while using back-scattered electrons (SEM/BSE) with the JSM-7800 F (JEOL,
Tokyo, Japan) microscope operating at the accelerating voltage of 20 kV. The grain-size distributions of
the phases were determined using electron backscatter diffraction (EBSD) that was performed with an
EDAX/EBSD system. The analysis of the data was done while utilizing the OIM Analysis software
(version 8, AMETEK/EDAX TSL, Mahwah, NJ, USA). The phase identification in the heat-treated and
HPT deformed samples was performed by means of X-ray diffraction (XRD) in a D8 Advanced (Bruker
AXS, Germany) diffractometer. The diffractometer worked in the Bragg–Brentano geometry, and it
was equipped with a sealed X-ray tube with Co anode (wavelength of CoKα1 = 0.178897 nm), with a
Johannson-type monochromator in the primary beam that suppressed the spectral line CoKα2 and
with a LynxEye one-dimensional detector. The ex situ XRD patterns were analyzed using the Rietveld
method [30,31] (whole pattern refinements), as implemented in the TOPAS [32] software package
(version 5, Bruker AXS, Karlsruhe, Germany).

The HTXRD experiments were performed at a constant heating rate of 10 K/min in the temperature
range between room temperature and 750 ◦C using aθ-θBruker D8 Advance diffractometer (Bruker AXS,
Germany) that utilized the Bragg–Brentano geometry, CuKα radiation (wavelengths: 0.154056 nm and
0.154437 nm), a LynxEye XE one-dimensional detector (Bruker AXS, Germany) and the high-temperature
chamber MTC HighTemp+ (Bruker AXS, Germany). During the HTXRD measurements, the samples
were placed on a resistively heated tantalum strip that was surrounded by an additional Ta radiation
heater to reduce the temperature gradients in the sample. A type D thermocouple (W-Re3/W-Re25),
which was contacted on the heating strip below the sample position, was used to measure the sample
temperature. The sample was placed on a (100)-oriented sapphire plate in order to avoid reactions
between the sample and the Ta heater. The chamber was evacuated to a pressure of ~7 × 10−3 Pa to
reduce the oxidation of the sample. The HTXRD patterns were recorded in a 2θ range between 33◦
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and 45◦ with a step size of 0.02◦ in order to speed up the measurement and reduce the difference in
the annealing time and in the temperature during the acquisition of individual diffraction patterns.
The temperature difference between the beginning and the end of each measurement was 20 K at the
acquisition time of 120 s per diffraction pattern.

Differential scanning calorimetry (DSC) was utilized to determine phase transformation
temperatures in the heat-treated samples before and after the HPT process. For DSC, the samples
were placed in a platinum crucible with a thin Al2O3 inlet to avoid reactions of the samples with the
Pt crucible. The measurements were performed in inert Ar atmosphere (99.999% + Varian cleaning
system) while using the differential scanning calorimeter DSC Pegasus 404C (Netzsch, Selb, Germany).
Before each experiment, the calorimeter was evacuated and back-filled with Ar several times to remove
the remaining oxygen from the DSC chamber. The measurements were done in the temperature
range between 35 ◦C and 1100 ◦C using the same heating rate of 10 K/min as used for the HTXRD
measurements. The temperatures that were recorded in the DSC device were calibrated using melting
points of pure metals (In, Sn, Al and Au).

3. Results

3.1. Characterization of the Initial State of the Samples

After annealing at 470 ◦C, i.e., below the temperature of the eutectoid reaction β� α-Ti + TiFe,
the alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe show a two-phase α-Ti + TiFe microstructure (see Figure 1a–c).
Some TiFe particles were ordered in chains along the boundaries of the α-Ti grains (see, for example,
Figure 1a). This phenomenon is called incomplete or complete grain boundary wetting by a second solid
phase and it has been previously observed in various Ti-based alloys [23,33–37]. In the corresponding
SEM/BSE micrographs, the TiFe grains appear to be bright due to a higher Fe content and, thus, a
higher mean atomic number of TiFe as compared to α-Ti. Moreover, no coarse-grain microstructure
of TiFe was observed, even though the samples were annealed for 4000 h at 470 ◦C. The averaged
grain sizes of α-Ti, determined using EBSD were (3.1 ± 2.0) μm, (3.0 ± 2.0) μm, and (1.4 ± 1.0) μm
in the alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe, respectively. The sizes of the TiFe grains were (0.6 ± 0.2)
μm, (0.7 ± 0.3) μm, and (2.1 ± 1.0) μm in the same samples. The limited growth of the α-Ti and TiFe
grains can be explained by either very slow recrystallization and grain-growth kinetics or by very slow
diffusion velocities at the heat-treatment temperature of 470 ◦C. The phase fractions of α-Ti and TiFe
were concurrently determined from the whole XRD patterns using the Rietveld method and from the
chemical composition of the respective alloy using the lever rule for comparison (see Table 1) [14].

   

Figure 1. Initial microstructures of samples Ti-2Fe (a), Ti-4Fe (b), and Ti-10Fe (c) annealed at 470 ◦C for
4000 h. The white grains belong to TiFe, the gray areas to α-Ti.

Upon the Rietveld refinement, the lattice parameters of α-Ti and TiFe were calculated in addition
to the phase composition that was fit together with the degree of the preferred orientation {0001} of
the α-Ti crystallites. The March–Dollase model described this texture, which was probably caused
by the foregoing sample preparation and annealing [38]. Applying this model, the phase fractions
obtained from XRD for Ti-2Fe and Ti-4Fe agree very well with the phase fractions calculated from
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the chemical composition (Table 1). In alloy Ti-10Fe; however, the apparent texture was much more
complex, because bad grain statistics caused the differences in diffracted intensities. Consequently, it
was not possible to describe the texture satisfactorily using the March–Dollase model, which led to a
larger uncertainty in the calculated phase fractions of α-Ti and TiFe (see Table 1). Assuming that the
equilibrium state was achieved in all samples, the chemical compositions of α-Ti and TiFe are the same
for all of investigated alloys (independent of the iron content). The lattice parameters of α-Ti and TiFe
were aα-Ti = 0.2951(2) nm, cα-Ti = 0.4691(2) nm and aTiFe = 0.2978(2) nm, respectively. The obtained
lattice parameters aα-Ti and cα-Ti correspond to the maximum Fe content in α-Ti at 470 ◦C. The lattice
parameter aTiFe agrees with the reference value for TiFe [39].

Table 1. Comparison of the phase fractions in the samples annealed at 470 ◦C for 4000 h, which were
determined from the X-ray diffraction (XRD) measurements and calculated using the thermodynamic
description of the binary Ti–Fe system by application of the lever rule. All of the phase amounts are
given in wt.%. The uncertainty of the XRD phase analysis utilizing Rietveld refinement falls generally
within a range of 1% to 3%.

Samples
Phase Fractions

Measured by XRD Calculated

α-Ti TiFe α-Ti TiFe

Ti-2Fe 95 5 95.9 4.1
Ti-4Fe 92 8 92.6 7.4

Ti-10Fe 77 23 81.3 18.7

The phase transition temperatures of the annealed alloys were determined by means of DSC upon
heating at the heating rate of 10 K/min and they are shown in Figure 2. The endothermic heat effect
registered at ~584 ◦C corresponds to the eutectoid reaction β� α-Ti + TiFe that was detected in all of
the samples, but with different extents. The increase of the heat amount with increasing Fe content is
related to a higher amount of TiFe taking part in the eutectoid reaction. The β-transus temperatures
(marked by crosses in Figure 2) decrease with an increasing Fe content, because the eutectoid point is
located at higher iron contents (between 11 wt.% and 14 wt.% Fe) [14,40–43].

 
Figure 2. Differential scanning calorimetry (DSC) heating curves of alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe
measured with the heating rate of 10 K/min. The DSC curves were shifted vertically for better visibility.
The dashed line indicates the temperature of the eutectoid reaction β � α-Ti + TiFe. The crosses
indicate the β-transus temperatures (solvus temperatures of the β phase), which were determined as
inflection points of the respective DSC curve.
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3.2. Characterization of the Deformed Samples after HPT Process

Microstructural changes in the HPT-deformed alloys were characterized while using SEM
(Figure 3a–c). Apparently, the TiFe phase (white grains) is only slightly affected by the HPT process,
because the α-Ti matrix mainly absorbed the deformation energy. After HPT, the grains of the α-Ti
matrix are strongly refined. This behavior is expected, because the intermetallic compound TiFe is
much harder (481 ± 44 HV0.025 [44]) than the soft α-Ti matrix (~180 HV0.5 [45]). Still, the chains of the
TiFe precipitates, which were initially ordered in the annealed samples, were destroyed (compare the
micrographs in Figures 1 and 3). The oxygen content within the deformed samples measured while
using CGHE was very low, namely 0.0049(3) wt.%, 0.0055(3) wt.%, and 0.0024(3) wt.% for the alloys
Ti-2Fe, Ti-4Fe, and Ti-10Fe, respectively.

   

Figure 3. Microstructures of the high-pressure torsion (HPT) samples Ti-2Fe (a), Ti-4Fe (b), and Ti-10Fe
(c) as seen by SEM/BSE. Prior to the HPT process, the samples were annealed at 470 ◦C for 4000 h. The
white grains are TiFe, the gray areas correspond to the α-Ti and ω-Ti(Fe) phases.

The phase analysis using XRD confirmed that the HPT process producedω-Ti(Fe). The comparison
of the phase fractions in the annealed (Table 1) and HPT-treated samples (Table 2) shows that the amount
of TiFe only decreased slightly, while the amount of α-Ti was drastically reduced during the HPT
process. Thus, the ω-Ti(Fe) phase predominantly developed from α-Ti. In the alloys Ti-2Fe and Ti-4Fe,
approximately 50 wt.% of α-Ti, was transformed into ω-Ti(Fe). Higher Fe contents and, consequently,
a higher amount of the TiFe phase present in the respective alloys impede the HPT-induced phase
transition, as can be seen on the lower relative amount of ω-Ti(Fe) in alloy Ti-10Fe (Table 2). As the
lattice parameters of α-Ti in the annealed samples does not depend on the chemical composition of the
alloy (see Section 3.1) the HPT-induced phase transformation α-Ti + TiFe→ω-Ti(Fe) + TiFe must be
impeded by a higher amount of TiFe because the concentration of Fe in α-Ti is the same.

Table 2. Phase fractions (wt.%) in HPT-deformed samples, as determined using XRD. nα→ω =ω/(α +
ω) is the fraction of α-Ti, which transformed to ω-Ti(Fe). The errors of the XRD phase analysis (1% to
3%) were estimated based on the goodness of fit.

Samples
Phase Fractions XRD

α-Ti(Fe) TiFe ω-Ti(Fe) nα→ω

Ti-2Fe 45 4 51 0.53
Ti-4Fe 45 5 50 0.53
Ti-10Fe 52 17 31 0.37

After the HPT treatment, the line positions of the α-Ti(Fe) and TiFe phases were found to be
shifted towards lower diffraction angles in all alloys. Such an increase of the unit cell volume of the
phases after the deformation by HPT was already detected in earlier observations [24–26]. A large
amount of defects and lattice distortions are generated during the severe plastic deformation in the
HPT process [9,46], which lead to an increase of the lattice parameter of α-Ti and TiFe were aα-Ti =
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0.2956(1) nm, cα-Ti = 0.4694(1) nm, and aTiFe = 0.2982(1) nm, respectively. The refined lattice parameters
of ω-Ti(Fe), aω-Ti(Fe) = 0.4620(1) nm and cω-Ti(Fe) = 0.2829(1) nm, obey the relationship

cω/aω =
√

3/
(
2
√

2
)

(1)

which indicates that the crystal structure of ω-Ti(Fe) is pseudo-cubic. Consequently, the XRD
lines 1011 and 1120 from ω-Ti(Fe) are located at the same position. Because of the orientation
relationship {111}bcc

∣∣∣∣∣∣(0001)ω and 110bcc
∣∣∣∣∣∣1120ω between the hexagonal ω phase and the cubic bcc

lattice [18,22,47,48], the lattice parameters of ω-Ti(Fe) can be expressed in terms of a cubic bcc lattice
parameter

aω =
√

2abcc and cω =
(√

3/2
)
abcc (2)

with abcc = 0.3267(1) nm. After HPT deformation, a satisfying agreement between the measured and
refined XRD data was achieved, even for Ti-10Fe, when the preferred orientation was implemented
into the Rietveld refinement using TOPAS [32], as described above. It was found that the α-Ti phase
possesses a {0001} texture, which is, however, almost negligible for Ti-2Fe.

3.3. Thermal Stability of ω-Ti(Fe) Produced by the HPT Process

Complementary DSC and high-temperature XRD measurements were performed for the
description of the thermal stability of the deformation-induced ω-Ti(Fe) phase. The DSC curves of
the HPT-deformed samples were recorded upon heating at the heating rate of 10 K/min, and they are
shown in Figure 4. The HTXRD patterns (Figure 5) were measured at the same heating rate (10 K/min).
For HTXRD, the sample temperatures were calibrated with the aid of the initial temperature at the
beginning of the measurements (25 ◦C) and while using the temperature of the endothermic effect
at 562 ◦C that corresponds to the eutectoid reaction β� α-Ti + TiFe and the transformation of the
intermetallic phase TiFe. The transformation of TiFe can be detected by both techniques, DSC and XRD.
The reaction temperature should be the same for all of the investigated alloys due to the invariance of
the eutectoid reaction. Therefore, the same temperature calibration procedure can be applied to all
investigated alloys.

Prior to the DSC and HTXRD measurements, all of the samples contained a mixture of α-Ti(Fe),
TiFe and ω-Ti(Fe). The denotation α-Ti(Fe) emphasizes an increased iron solubility in α-Ti, due to (i) the
HPT process and (ii) the reconversion of ω-Ti(Fe)→ α-Ti(Fe) upon heating. These phenomena will be
discussed in detail below. The first DSC effect observed upon heating was an exothermic peak occurring
at approx. 130 ◦C (Figure 4), which was accompanied by the sharpening of the originally extremely
broad XRD lines from α-Ti(Fe) (Figure 5). Concurrently, the XRD lines from α-Ti(Fe) became more
intense at the expense of the XRD lines from ω-Ti(Fe), which indicates the onset of the reconversion
of ω-Ti(Fe) to α-Ti(Fe). At 320 ◦C, the phase transition ω-Ti(Fe)→ α-Ti(Fe) proceeds tremendously.
The transition is completed at temperatures that were slightly above ~350 ◦C. In contrast to HTXRD,
DSC did not recognize the end of the decomposition of ω-Ti(Fe), because it is not accompanied with a
noticeable thermal effect. The ω-Ti(Fe)→ α-Ti(Fe) transition is a continuous process, thus the heat
release is spread over a broad temperature range.

After the decomposition of ω-Ti(Fe), all of the samples exhibited a two-phase microstructure
containing hexagonal α-Ti(Fe) and cubic TiFe. The appearance of an additional diffraction line (0002
of α-Ti, c.f., Figure 5) at lower diffraction angles and the presence of anisotropic (hkl-dependent) line
broadening upon further heating indicate changes in the Fe concentration in the α-Ti(Fe) phase. The
incorporation of Fe into the hexagonal α-Ti lattice mainly leads to a reduction of the lattice parameter
cα-Ti, while the lattice parameter aα-Ti remains nearly unaffected [25,27]. Accordingly, the diffraction
line 0002, which appears at temperatures above 400 ◦C, and that is located at a lower diffraction angle in
Figure 5b, corresponds to the equilibrium α-Ti phase that only exhibits a negligible solubility for Fe [14].
On the other side, the hexagonal α-Ti(Fe) phase, which is present in all alloys after the HPT process
and that is formed by the back-transformation of ω-Ti(Fe), should possess increased iron solubility.
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Figure 4. DSC heating curves of alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe measured with the heating rate
of 10 K/min. The dashed lines at 130 ◦C and 320 ◦C indicate the beginning and the end of the ω

back-transformation as concluded from high-temperature X-ray diffraction (HTXRD). The dashed line
at 562 ◦C marks the eutectoid reaction β-(Ti,Fe)� α-Ti(Fe) + TiFe. The temperatures marked by crosses
indicate the β-transus temperatures (solvus temperatures of the β phase), which were determined as
inflection points of the respective DSC curves.

 
Figure 5. Low-angle part of the HTXRD patterns of Ti-2Fe, Ti-4Fe, and Ti-10Fe that were originally
annealed for 4000 h at 470 ◦C and subjected to HPT. The positions of diffraction lines originating from the
phases α-Ti(Fe), β, ω and TiFe are indicated by markers at the top or inside the figures. The temperature
axes of the HTXRD measurements were calibrated according to the DSC measurements as described in
the text. The dashed lines in (a) indicate the transformation temperatures upon heating from Figure 4.
(b) illustrates the change of the 0002 line position in Ti-10Fe (see inset in (a)) at high temperatures.
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At the temperature of 562 ◦C, the mixture of α-Ti, α-Ti(Fe) and TiFe transforms via an eutectoid
reaction into a two-phase mixture of β-(Ti,Fe) and α-Ti (Figure 5). In the DSC measurements (Figure 4),
the temperature of the eutectoid reaction was determined from its onset point. Above the eutectoid
temperature, the amount of β-(Ti,Fe) continuously increases with further heating. The transus
temperatures of β-(Ti,Fe) determined using DSC depends on the iron content in the respective alloy
(Figure 4). A comparison of the eutectoid temperature and the β-(Ti,Fe)-transus temperatures that were
measured for the heat-treated (Figure 2) and severe plastically deformed samples (Figure 4) reveals
that both temperatures are slightly shifted towards lower values after the HPT process. Figure 6 shows
a comparison of the transition temperatures measured by DSC before and after HPT.

 
Figure 6. Partial phase diagram of the Ti-rich corner of the binary Ti–Fe system. The circles indicate
the measured phase transition temperatures (DSC) of the samples in the initial state (red) and after
deformation by HPT (green).

The sequence of the phase transitions is illustrated on the temperature dependence of the integral
intensities of the XRD lines measured for individual phases (Figure 7), i.e., 1011ω/1120ω, 110TiFe,
110β, and 1010α/0002α/1011α. For ω-Ti(Fe) and α-Ti(Fe), the sums of the integral intensities of the
measured lines were considered. For convenience, the integral intensities were converted into the phase
compositions by normalizing the phase composition of the respective alloy to the phase composition
from Table 2. This ‘external standard’ method neglects the effect of the possible changes in the preferred
orientation of crystallites due to the sample recrystallization and the effect of the Debye–Waller factor on
the phase composition, as the corresponding factors influencing the diffracted intensities are assumed
to remain constant. However, it gives a good overview of the phase transitions, as can be seen from the
almost monotonous and definitely reasonable trend of the TiFe phase fraction.

The beginning of the transformation ω-Ti(Fe)→ α-Ti(Fe), which was observed during the DSC
measurement as an exothermic effect at 130 ◦C, results in a rapid decrease of the ω-Ti(Fe) phase
fraction and in a concurrent increase of the α-Ti(Fe) phase fraction. In alloy Ti-4Fe, the DSC peak
from the exothermal effect is slightly shifted towards higher temperatures. Upon further heating,
ω-Ti(Fe) continuously transforms into α-Ti(Fe). Above a temperature of 400 ◦C, all of the alloys exhibit
a two-phase microstructure containing the hexagonal α-Ti(Fe) and the cubic TiFe phase. The phase
amount of TiFe increases with increasing Fe content in the alloy. At temperatures above 500 ◦C and
below the eutectoid temperature, the supersaturated α-Ti(Fe) releases iron, which is subsequently
solved in the cubic β-(Ti,Fe) phase. Thus, β-(Ti,Fe) was formed by this process already below the
eutectoid temperature. At 562 ◦C, the eutectoid reaction occurs and TiFe transforms into the equilibrium
phases α-Ti + β-(Ti,Fe). A further temperature increase should lead to a continuously increasing phase
amount of β-(Ti,Fe) and a decreasing amount of α-Ti. This behavior was not observed during the
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HTXRD measurements, which is caused by the proceeding oxidation of the samples, which stabilizes
α-Ti. Therefore, the results of HTXRD measurements can be compared with the results of the DSC
measurements only up to temperatures of ~650 ◦C. In the alloys Ti-2Fe, Ti-4Fe, and Ti-10Fe that
were subjected to HTXRD, the CGHE analysis revealed the oxygen concentrations of 0.0374(3) wt.%,
0.0262(3) wt.%, and 0.0032(3) wt.%, respectively, which are much higher than prior to HTXRD.

   
Figure 7. Temperature dependences of the phase composition in alloys Ti-2Fe (a), Ti-4Fe (b), and Ti-10Fe
(c) obtained from the HTXRD measurements carried out upon heating. The integral intensities were
normalized to the phase compositions at the initial state of samples after HPT (Table 2). The intensities
of the diffraction lines 1010, 0002, and 1011 of α-Ti and α-Ti(Fe), and 1011 and 1120 of ω-Ti(Fe) were
summed up. The temperature axes of the HTXRD measurements were calibrated according to the
DSC measurements.

3.4. Thermodynamic Calculations

A pressure-dependent thermodynamic description of the binary Ti–Fe system was generated
with the aid of the CalPhaD (Calculation of Phase Diagrams) approach for a better understanding
of the experimental observations and especially for validation of the phase stabilities and reverse
transformation of ω-Ti(Fe) to α-Ti [49]. The details of the thermodynamic calculations will be described
elsewhere [50]. Exemplarily, the temperature-pressure (t–p) phase diagram is shown for alloy Ti-4Fe
(see Figure 8a). Figure 8b illustrates the effect of the chemical composition for the hydrostatic pressure
of 10 GPa. In contrast to unary t–p phase diagrams, which solely contain single-phase regions,
two-phase regions can be present in those binary t–p phase diagrams (calculated for a given binary
composition). The black lines represent either solvus lines or three-phase equilibria, with varying
pressure and temperature. The presence of two-phase regions become obvious if a binary t–p phase
diagram (Figure 8a) is compared with a t–w(Fe) phase diagram (Figure 8b). In Figure 8a, the vertical
dashed line marks the pressure value of 10 GPa in Figure 8b the alloy composition of Ti-4Fe.

For an ambient temperature, the thermodynamic calculations revealed that the α-Ti + TiFe
two-phase mixture, which is stable at ambient pressure, transforms at the pressure of ~0.8 GPa into a
two-phase mixture of ω-Ti(Fe) and TiFe. Thus, the applied pressure during the HPT (7 GPa) should be
sufficient for initiating the phase transformation of α-Ti + TiFe to ω-Ti(Fe) + TiFe. The high-pressure
phase persists, even after the HPT process, being stabilized by the interaction with other phases that
are present in the HPT samples.

In alloys that were annealed at high temperatures (800 ◦C) and subsequently quenched [26], the
high-temperature phase assemblage was retained for the iron contents ≥4 wt.%. In that case, the
transformation pathway was found to proceed from β-(Ti,Fe) or from an α-Ti + β-(Ti,Fe) mixture to
a β-(Ti,Fe) +ω-Ti(Fe) mixture [26,28,29]. However, it was also reported that minor amounts of α-Ti
are preserved after the HPT process. The initiation of the ω-Ti(Fe) transformation was found to be
very easy, which means that the phase transformation should already occur at low pressures [26]. The
metastable extension of the β-(Ti,Fe) + ω-Ti(Fe) region was thermodynamically calculated in order
to predict this behavior (see black dashed line in Figure 8a) by suspending the formation of the TiFe
phase. Thermodynamic calculations revealed that the phase transformation into the high-pressure
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phase assemblage should occur at room temperature already at the atmospheric pressure. This
indicates that the transformation to the high-pressure ω-Ti(Fe) phase should already occur at very
low pressures using HPT, which was also experimentally observed [26]. It is worth noting that the
CalPhaD calculations reflect the equilibrium state in the samples under hydrostatic pressures, which is
far away from the sample state that is generated in the HPT process. The main features of the HPT
process are (i) the large portion of torsional stain, which mainly induces shear stresses and (ii) the
short process times at ambient temperatures. However, the predicted transformations pathways are
comparable with those experimentally observed—the trends are correct.

 
(a) 

 
(b) 

Figure 8. (a) Temperature-pressure phase diagram calculated for the composition Ti-4Fe (wt.%) and (b)
temperature–composition phase diagram calculated for the pressure of 10 GPa. The vertical dashed
lines mark the pressure value of 10 GPa (in (a)) and the alloy composition of Ti-4Fe (in (b)). The black
dashed line in the bottom left corner of panel (a) indicates the metastable extension of the β-(Ti,Fe) +
ω-Ti(Fe) region.

4. Discussion

4.1. HPT-Induced Formation of ω-Ti(Fe) in Samples Containing α-Ti As a Dominant Phase

The ω-Ti(Fe) phase can be produced in different ways in a HPT process. In previous studies, in
which Ti-rich Ti–Fe samples were heat treated at temperatures above the eutectoid reaction [25–28],
ω-Ti(Fe) was formed either from a single β-(Ti,Fe) phase or from a mixture of α′-Ti(Fe) martensite
and β-(Ti,Fe). In Reference [26], it was shown that the iron concentration and the phase composition
prior to the HPT process influence strongly the amount of the HPT-induced ω-Ti(Fe). For 4 wt.%
of Fe, the transformation β-(Ti,Fe)→ ω-Ti(Fe) already occurred at low pressures and it was almost
completed after few HPT rotations, because the coincidence of the lattice parameters of pseudo-cubic
ω-Ti(Fe) with the lattice parameter of β-(Ti,Fe) facilitates the diffusionless phase transition at this
particular Fe concentration. For 2 wt.% Fe, still approximately 80% of the sample was transformed to
ω-Ti(Fe) [26]. In the current study, the fractions of the ω-Ti(Fe) phase in samples Ti-2Fe and Ti-4Fe
(~50%, c.f., Table 2) were significantly lower than the amount of ω-Ti(Fe) in samples with the same
Fe content that were annealed at high temperatures [26]. The phase fractions of ω-Ti(Fe) produced
in samples with 10 wt.% Fe are very similar for different annealing temperatures and, therefore, for
different phase compositions prior to the HPT process.

The microstructure characterization using XRD and SEM confirmed that all of the samples under
study (Ti-2Fe, Ti-4Fe, and Ti-10Fe) contained α-Ti and TiFe after annealing at 470 ◦C for 4000 h.
The HPT induced the formation of the high-pressure ω-Ti(Fe) phase, which also remained stable at
ambient conditions. The ω-Ti(Fe) phase was mainly produced from severely plastically deformed α-Ti,
which absorbed the majority of the deformation energy. The TiFe grains were only slightly affected by
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the HPT process. Still, the TiFe precipitates, which were ordered in chains along the grain boundaries of
the α-Ti phase in the annealed samples, were more randomly distributed after the HPT treatment, and
the amount of crystalline TiFe was slightly reduced (c.f., Tables 1 and 2). After the long-term annealing,
i.e., under thermodynamically equilibrium conditions, α-Ti can accommodate approximately 9.4 ×
10−3 wt.% Fe. This means that α-Ti is practically free of iron in the samples that were annealed at
470 ◦C and that the ω-Ti(Fe) formation in these samples should be inhibited by the lack of iron in the
parent phase. On the other hand, the shift of the diffraction line 0002α-Ti(Fe) towards lower diffraction
angles, which is visible in Figure 5, indicates that the iron content in back-transformed α-Ti(Fe) varies
upon heating and, consequently, ω-Ti(Fe) did not originate from pure α-Ti, but from supersaturated
α-Ti(Fe) like in the samples from Reference [27].

Two approaches were used in order to estimate the iron content in ω-Ti(Fe). In the first one,
the iron content in ω-Ti(Fe) was determined from the phase fractions before and after the HPT process.
This approach is based on the assumptions that the application of pressure does not significantly
change the homogeneity range of TiFe and that the residual hexagonal α-Ti(Fe), which is still present
after HPT, contains the same amount of iron, like the high-pressure ω-Ti(Fe) phase. In the second
approach, the iron content was estimated from the measured lattice parameter of ω-Ti(Fe) and from
the Vegard dependence of aω-Ti(Fe) known from literature.

The phase amount of α-Ti(Fe) is significantly reduced due to the formation of ω-Ti(Fe) (compare
Tables 1 and 2). However, the HPT process also reduced the amount of TiFe. Even though the decrease
of the phase fraction of TiFe after HPT is small, their variation falls outside the estimated error limit.
Using the law of the mass conservation, the initiation of the phase transitions due to HPT can be
expressed, as follows:

mαIni ×wαIni + mTiFe
Ini ×wTiFe

Ini = mαHPT ×wαHPT + mTiFe
HPT ×wTiFe

HPT + mωHPT ×wωHPT (3)

In Equation (3), mϕi (in wt.%) and wϕi (in wt.% of Fe) are the fractions of the involved phases (α,
TiFe and ω) and their chemical compositions in the sample state (initial, after HPT), respectively. While
assuming a constant chemical composition of TiFe before and after HPT (wTiFe

Ini/HPT = wTiFe
Ini = wTiFe

HPT),
and the same chemical composition of α-Ti(Fe) and ω-Ti(Fe) in HPT processed samples (wαHPT = wωHPT),
Equation (3) can be written as:

wωHPT =
mαIni·wαIni +

(
mTiFe

Ini −mTiFe
HPT

)
·wTiFe

Ini/HPT

mαHPT + mωHPT
(4)

For wαIni = 9.4 × 10−3 wt.% Fe, wTiFe
Ini/HPT = 53.6 wt.% Fe, and for the phase compositions, according

to Tables 1 and 2, the Fe content in ω-Ti(Fe) was determined to be wωHPT � 1 wt.%.
The comparison of the lattice parameters was used as a complementary approach for the estimation

of the iron content in ω-Ti(Fe). In commercially pure HPT-deformed Ti samples, the lattice parameters
of ω-Ti were aω-Ti = 0.4627 nm and cω-Ti = 0.2830 nm [25]. The lattice parameters of ω-Ti(Fe) measured
for the iron-containing alloys in this study were aω-Ti(Fe) = 0.4620(1) nm and cω-Ti(Fe) = 0.2829(1) nm.
This confirms that iron atoms that are dissolved in the ω-Ti(Fe) phase lead to a reduction of the
elementary cell volume, as already stated in References [25,26]. Moreover, the change of aω-Ti(Fe) is
larger than the change of cω-Ti(Fe). At the iron contents of 4 wt.%, the pseudo-cubic lattice parameter
of ω-Ti(Fe) coincides with the lattice parameter of β-(Ti,Fe) [26]. The whole dependence of the
lattice parameter of β-(Ti,Fe) on the iron content was described in References [14,26,29]. The lattice
parameters aω-Ti(Fe) = 0.4603(6) nm and cω-Ti(Fe) = 0.2819(1) nm containing 4 wt.% Fe were calculated
using Equation (2) from the lattice parameter of β-(Ti,Fe) with the same amount of Fe (abcc = 0.3255(2)
nm) [29]. Assuming a linear dependence of the lattice parameter aω-Ti(Fe) on the Fe concentration
between Fe-free ω-Ti and ω-Ti(Fe) containing 4 wt.% Fe, the iron content in the sample under study was
estimated to be approximately 1.2 wt.%. This value is in good agreement with the iron concentration
of ~1 wt.% that was concluded from the difference in the phase fractions before and after the HPT
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deformation. The lattice parameter aω-Ti(Fe) was used for the estimation of the Fe concentration in
ω-Ti(Fe), because it is more sensitive to the iron concentration than cω-Ti(Fe).

4.2. Thermal Stability of the HPT-Deformed Microstructure

At ambient conditions, all of the HPT-deformed samples contained a mixture of three phases,
i.e., α-Ti(Fe), TiFe and ω-Ti(Fe). The phase amounts were different, depending on the alloy composition.
Upon heating, a relatively large exothermal DSC effect was registered at ~130 ◦C (onset temperature).
However, in alloy Ti-4Fe, the beginning of the exothermal DSC effect was less abrupt than for the other
alloys (compare Figure 4). The exothermal effect is related with the initiation of the decomposition
process of the pressure-induced ω-Ti(Fe) phase and with the release of the deformation energy. Similar
observations have already been made for pure Ti [51] and for Ti-1Fe [23]. At a temperature of ~320 ◦C,
the phase amount of ω-Ti(Fe) decreases abruptly. Between 400 ◦C and 450 ◦C, this metastable phase
completely disappeared (Figure 7). In a previous study [27] that was devoted to the investigation of the
thermal stability of ω-Ti(Fe) in HPT deformed metastable β-(Ti,Fe) and α-Ti +β-(Ti,Fe) alloys, a cascade
of exothermal DSC effects was observed between 150 ◦C and 450 ◦C. These effects originated from the
gradual transformations of ω-Ti(Fe) to α-Ti(Fe) and from the defect annihilation and recrystallization
processes [27]. Moreover, the strongest exothermal effect was observed at around 380 ◦C, whereas
the released heat increases with increasing iron content within the investigated alloys. These results
demonstrate that ω-Ti(Fe) possesses a lower thermal stability, if it is formed from α-Ti (present work)
than if it is formed from β-(Ti,Fe). The differences in the phase composition of the HPT samples might
cause this difference in the stability of the pressure-induced ω-Ti(Fe) phase, but also by the differences
in the iron concentration in ω-Ti(Fe), because ω-Ti(Fe) originating from β-(Ti,Fe) possesses a higher Fe
concentration than ω-Ti(Fe) stemming from α-Ti(Fe). The ω-Ti(Fe) phase, which was formed from
the α-Ti + TiFe two-phase alloys contained approximately 1 wt.% Fe after HPT, whereas the ω-Ti(Fe)
generated from metastable β-(Ti,Fe) alloys was found to contain ~4 wt.% Fe [26–28].

In the intermediate range between 400 ◦C and 562 ◦C, all of the alloys exhibit a two-phase α-Ti(Fe)
+ TiFe microstructure. At ~500 ◦C, which is still below the eutectoid reaction temperature, a shift of
the line 0002 from α-Ti(Fe) towards lower diffraction angles was detected by HTXRD, together with
the appearance of diffraction lines of β-(Ti,Fe). This phenomenon was already observed in former
studies [27,29], where it was assigned to a variation of the iron solubility in the α-Ti(Fe) phase. The
decomposition of the supersaturated α-Ti(Fe) phase to the equilibrium α-Ti phase is related to the shift
of the diffraction line 0002α-Ti(Fe) towards smaller diffraction angles. In the present work, this effect
is much less pronounced, because the phase amount of ω-Ti(Fe) only approaches approx. 50% after
the HPT process. A pronounced endothermic heat effect corresponding to the eutectoid reaction
β-(Ti,Fe)� α-Ti + TiFe was registered at ~584 ◦C in the annealed, but not deformed, samples. The
eutectoid reaction temperature is in good agreement with References [14,40–43], where this reaction
was reported between 583 ◦C and 590 ◦C. After the HPT deformation, the measured temperature of
the eutectoid reaction was found to be lowered to ~562 ◦C. The same behavior was observed for the
β-(Ti,Fe)-transus temperature. Thus, strong deformations and/or small grain sizes of the α-Ti(Fe) and
TiFe phases, which are characteristic microstructural features after the HPT process, lead to a shift of
the equilibrium reaction temperatures towards lower values. Moreover, the development of the phase
fractions upon heating (Figure 7) shows, in contrast to the phase diagram (Figure 6), that the phase
amount of β-(Ti,Fe) does not continuously increase. At temperatures above 600 ◦C in the HTXRD
measurements, the phase amount of β-(Ti,Fe) stagnated, and even decrease in Ti-2Fe and Ti-4Fe.
The reason for that behavior is a slight oxidation of the samples during the HTXRD measurement.
The CGHE measurements revealed increased oxygen content inside the samples after the HTXRD
measurements (see Section 3.2), which confirms that the oxidation of the samples at high-temperatures,
even under high vacuum, could not be prevented. Oxygen is an element stabilizing the α-Ti phase [52].
Therefore, α-Ti is stabilized at temperature above 600 ◦C and, thus, no single-phase β-(Ti,Fe) state was
generated inside the samples upon further heating in the HTXRD device.
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5. Conclusions

The high-pressure torsion (HPT) treatment of two-phase Ti–Fe alloys consisting of a mixture of α-Ti
and TiFe led to the formation of the high-pressure ω-Ti(Fe) phase mainly at the expense of α-Ti. The
concentration of iron in ω-Ti(Fe), which was ~1 wt.%, was alternatively estimated from the difference
in the phase fractions before and after the HPT process and from the measured lattice parameters of
ω-Ti(Fe). The overall iron concentration in the samples (2 wt.%, 4 wt.%, and 10 wt.% Fe) primarily
influenced the amount of TiFe, which inhibited the phase transition α-Ti→ω-Ti(Fe) to some extent,
in particular in sample containing 10 wt.% Fe. The comparison with previous investigations, which
were carried out on samples that were annealed above the eutectoid reaction, i.e., on samples mainly
containing β-(Ti,Fe), has shown that the high-pressure ω-Ti(Fe) phase can be much more easy produced
from β-(Ti,Fe) than from α-Ti. Thermodynamic calculations confirmed this experimental finding. The
combination of in situ high-temperature X-ray diffraction and differential scanning calorimetry revealed
that ω-Ti(Fe) starts to decompose exothermically already at 130 ◦C. Still, it survives up to ~320 ◦C,
where its amount tremendously decreases. The thermal stability of ω-Ti(Fe) in the samples under
study was lower than in the alloys, which were annealed above the eutectoid reaction. Nevertheless,
the decomposition pathway via a supersaturated α-Ti(Fe) phase was also observed in the present work.
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Abstract: The influence of thermal cycling (TC) with a large number of cycles on the microstructure,
the parameters of martensitic transformations (MTs), and the mechanical properties of a Ti-50.8 at.%
Ni shape-memory alloy in coarse-grained (CG) and ultrafine-grained (UFG) states was investigated.
The effect of microstructural and mechanical stability was found in both coarse-grained and
ultrafine-grained states starting from the 100th cycle of martensitic transformations. In addition,
an unusual temperature change was observed in martensitic transformations occurring with the
formation of an intermediate R phase.

Keywords: TiNi alloy; thermal cycling; ultrafine-grained structure; microstructural and
mechanical stability

1. Introduction

The phenomenon of shape memory is characteristic of some alloys based on titanium, iron, copper,
or manganese. Particular attention to materials with the shape memory effect (SME) is associated
with their ability of recovering significant inelastic deformations when heated. The most famous
representative of such materials is titanium nickelide. Its unique properties are widely used in
world industries and in medicine [1,2]. The SMEs in titanium nickelide are caused by the B2–B19’
thermoelastic martensitic transformations (MTs) occurring in the temperature range close to room
temperature [1–4]. The cycle of martensitic transformations upon cooling and heating leads to the
generation of dislocations in the crystal lattice. Understanding the nature of the influence of multiple
cycles of “cooling and heating” below and above the points of martensitic transformation—thermal
cycling (TC)—on the structure and properties of materials is of great importance, particularly for TiNi
alloys and their products. The phenomenon of phase hardening (PH)—the accumulation of dislocations
during martensitic transformations—does not seem trivial in the case of martensitic transformation
with a reversible motion of martensitic boundaries. The term “thermoelastic transformation” in the
strict sense does not imply irreversible changes in the structure. At the same time, in real metallic
materials, including TiNi alloys, a certain increase in the dislocation density occurs during multiple
MT cycles, which, in turn, is accompanied by a change in the martensitic transformation temperature
and an increase in the dislocation yield strength of the alloys under mechanical loading [5–7].

The design of products with SME makes certain demands on the physico-mechanical and functional
properties and their stability. The properties in alloys with shape memory can be further improved by
forming an ultrafine-grained (UFG) state using severe plastic deformation (SPD) methods, in particular,
equal channel angular pressing (ECAP) [8–13]. Because TiNi system alloys are the most common in
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technological applications and have the best set of properties among alloys with a shape memory
effect, the effect of thermal cycles (TCs) on their structure and properties has been studied for many
years. In TiNi alloys, the transformation of B2 into B19′ is characterized by the incompatibility of lattice
deformation, which contributes to the emergence of local stresses at the phase boundary, and stress
relaxation leads to the accumulation of plastic deformation and, as a consequence, irreversible changes
in the kinetics of martensitic transformations with each thermal cycling cycle [14]. The first works [5,6]
were devoted to the influence of TCs on the structure and characteristic temperatures of martensitic
transformations, and the mechanical characteristics in the TiNi alloy. It was previously shown that
thermal cycling through the interval of martensitic transformations leads to a change in the staging
of the transformation [15–19]. Alloy Ti50.0Ni50.0 undergoes B19′ → B2 transformation upon cooling.
However, after several thermal cycles during cooling, the alloy begins to experience a multi-stage
B2→R→B19′ transformation. At the same time, other studies report slightly different dependences
of the transformation temperatures upon thermal cycling under an applied load [20,21]. There are
additional studies of the “thermocyclic training” of TiNi alloys to enhance memory effects [20,22–24].
However, the studies were carried out mainly on alloys in a coarse-grained (CG) state, or in states
with a small degree of deformation, and there is a limited number of studies on the processes of
accumulation of dislocations and change in properties during thermal cycling of TiNi alloys in UFG
and nanocrystalline (NC) states [25]. In addition, the conducted studies did not determine how many
cycles were required to obtain optimal characteristics of the properties in these alloys. The studies
in this work were aimed at determining the optimal number of thermal cycles necessary to obtain
stability of the structure and the physico-mechanical properties of the TiNi alloy in coarse-grained and
ultrafine-grained states.

2. Materials and Methods

As a research material, a two-component alloy of the TiNi system was chosen—the stoichiometric
alloy Ti-50.8 at.% Ni enriched with nickel, manufactured by MATEK-SMA Ltd. (Moscow, Russia).
It has a bcc lattice ordered by type B2 (CsCl) and a phase enriched with nickel Ti2Ni3 [1,4], and the
chemical composition of the alloy is presented in Table 1. To obtain a solid solution and eliminate
processing history, quenching was carried out from the homogeneity region (heating at a temperature
of 800 ◦C in a Nabertherm furnace for 1 h) into the water. The average grain size of the hardened alloy
was about 20 ± 2 μm.

Table 1. Chemical composition of the alloy of titanium nickelide, % (by atomic).

Main Elements Impurity

Ni Ti Fe Si C N O H Co Remainder

50.8 Remainder 0.27 0.13 0.09 0.04 0.18 0.012 - 0.27

To carry out the deformation by the ECAP method, the equipment of the Ufa State Aviation
Technical University (USATU) design in isothermal mode was used. To form the UFG structure,
quenching samples of cylindrical TiNi alloys (Ø20 mm, length 100 mm) were subjected to 8 passes
along the Bc route at 450 ◦C, and the channel intersection angle (ϕ) was 120◦ [9]. Thermal cycling of the
samples in different initial states was carried out as follows: the samples were successively immersed
in liquid nitrogen (−196 ◦C), then they were heated to a temperature of 150 ◦C, which is actually lower
and higher than the temperatures Mf of direct and Af reverse martensitic transformation. The number
of heating–cooling thermal cycles ranged from 0 to 250. The thickness of the samples subjected to TC
in the section was less than 1 mm to ensure their rapid heating and cooling. The exposure time at
the heating and cooling temperatures was 5 min [25]. Quantitative and qualitative analyses of the
initial structure were carried out using an OLYMPUS GX51 metallographic microscope. To detect the
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microstructure, an etchant with a composition of 60% H2O + 35% HNO3 + 5% HF was used. Using the
random secant method, the sizes of structural elements were calculated.

X-ray diffraction studies of the samples were carried out on a Rigaku Ultima IV diffractometer
(U = 40 kV and I = 35 mA) at room temperature in the angle range 2θ = 30◦–120◦. The main
structure parameters were determined by the Rietveld method using the Materials Analysis Using
Diffraction (MAUD) program. The dislocation density was calculated by processing X-ray diffraction
data using MATLAB software. The formula was used to calculate the density of dislocations [8]:
ρ = 2

√
3 < ε2 >1/2/Db, where <ε2>1/2 represents the microdistortions, D is the average grain size, and

b is the Burgers vector.
The fine structure of the material was studied at room temperature using a JEOL JEM-2100

transmission microscope (“JEOL Ltd.”, Tokyo, Japan) with an accelerating voltage of 200 kV. Samples
for thin foils cut by the electro-erosion method were made by double-sided jet electrolytic polishing
using a Tenupol-5 device (“Struers”, Copenhagen, Denmark) in a solution of 10% perchloric acid
(HClO4) and 90% butanol (CH3(CH2)3OH).

The average size of structural elements (grains, subgrains, martensitic twins) was estimated using
the “GrainSize” software package by measuring chord lengths, the relative measurement error of
which did not exceed 5%. In this work, the calorimetric testing of the material was carried out on a
Mettler Toledo high-sensitivity differential scanning calorimeter (“Mettler Toledo”, Columbus, OH,
USA) on samples weighing up to 50 mg (diameter 3.5 mm, thickness 0.5–0.7 mm), and the change in
heat flux was studied during cooling and heating in the temperature range from −196 ◦C to 150 ◦C at a
rate of 10 ◦C/min. The temperatures of the beginning (Ms and As) and the end (Mf and Af) of the direct
and reverse transformations were determined by standard tangent methods (ASTM 2004-05).

The microhardness Hv in this work was determined by the Vickers method on a Micromet 5101
instrument with a diamond indenter (“Buehler”, Lake Bluff, OH, USA). Mechanical tensile tests of
small flat specimens in compliance with all dimensional ratios with a working part of 1 × 0.25 × 4 mm
were carried out with a strain rate of 1 × 10−3 s−1 on a special installation of the USATU design
at room temperature. According to the test results, the strength characteristics (phase yield stress
σm, dislocation yield strength σYS, ultimate tensile strength σUTS) and ductility (elongation, δ) were
determined. The difference between the dislocation and phase yield limits allows one to estimate
the stress σreac = σYS − σm (estimated reactive stress) [4,25]. The length of the plateau at the phase
yield stress stage was adopted as an estimate of the recovery strain εrec (Figure 1). The values of the
conditional stresses of phase yield σm, dislocation yield stress σYS, and ultimate tensile strength σUTS

are calculated as average statistical values for three samples.

Figure 1. Diagram of a tensile stress indicating mechanical characteristics.
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3. Results

The phase composition of TiNi alloys significantly affects the microstructure, functional and
mechanical properties, as well as the processes that can occur during thermal cycling. It is known that
with an increase in the Ni content, the tendency to phase hardening and, accordingly, the sensitivity of
the structure to the accumulation of defects decrease. In this paper, the features of the influence of TCs
on the characteristics of the alloy are considered on the example of an understated Ti-50.8 at.% Ni alloy
up to 250 cycles.

3.1. Study of the Microstructure of the Ti-50.8 at.% Ni Alloy under Various Conditions

3.1.1. Structure in the Coarse-Grained State

In the initial state, after quenching, the alloy at room temperature has a predominantly equiaxial
structure of the B2 phase (austenite) with an average grain size of about 20± 5 μm (Figure 2a). Moreover,
globular inclusions 0.5–1 μm in size are observed in the structure inside and at the grain boundaries.
Optical microscopy (OM) and scanning electron microscopy (SEM) (Figure 3) fail to accurately assess
changes in the structure after repeated thermal cycling (Figure 2b); therefore, the TEM method was
used (Figure 4).

Figure 2. Microstructure of the Ti-50.8 at.% Ni alloy obtained by optical microscopy (OM): (a) in the
initial coarse-grained (CG) state, (b) after thermal cycling with a maximum number of cycles (n = 250).

Figure 3. SEM image of the microstructure of the Ti-50.8 at.% Ni alloy in the coarse-grained state: initial
state (a), 250 thermal cycles (b).
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Figure 4. TEM images of the microstructure of the Ti-50.8 at.% Ni alloy in a coarse-grained state with
different numbers of thermal cycles: (a) n = 0, (b) n = 50, (c) n = 100, (d) n = 150, (e) n = 200, (f) n = 250.

According to the obtained TEM data in the CG state without thermal cycling in the microstructure
of the alloy, grain boundaries and triple-grain junctions free of dislocations are observed (Figure 4a).
After thermal cycling in the temperature range MT B2→B19′ with a number of cycles equal to 50,
developed dislocation clusters are present that form the so-called “dislocation forest”. The average
grain size decreased insignificantly and became about 18 ± 3 microns in size. With an increase in the
number of thermal cycles in the structure, the formation of large clusters of dislocations and dislocation
walls, which are formed during phase hardening, was observed. This was first noticeable near the
grain boundaries (Figure 4b). In this case, there is a broadening of the extinction contours, which is
also associated with an increase in the level of internal stresses and distortions of the crystal lattice.
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The average grain size at the maximum number of cycles compared with the initial value decreased
by about 45% (the assessment was carried out according to OM and SEM). Thermal cycling with the
maximum number of thermal cycles preserves the dislocation structure in the form of clusters and
irregular walls and dislocation tangles (Figure 4f).

Figure 5 presents structures after n = 200 and n = 250 cycles with fields with extinction contours,
the width of which reaches 150 ± 20 nm, which may indicate a high density of defects accumulated
during multiple martensitic transformations.

Figure 5. Microstructures of the Ti-50.8 at.% Ni alloy in a coarse-grained state after thermal cycling
with n = 200 (a) and n = 250 (b) with fields of the extinction contours.

Figure 6 shows a graph of the average grain size versus the number of cycles.

Figure 6. Graph of changes in the average grain size with an increase in thermal cycles in the CG state.

In addition, starting from 100 cycles of martensitic transformation, sections of the structure are
observed in which packets of martensitic plates are visible (plate thickness in the range of 50–300 nm).
Present in individual plates at high magnifications were composite (001) B19’ nanotwins of type I
with a width of up to 5 nm. The formation of nanotwins is probably associated with saturation of the
structure after a certain number of cycles.

3.1.2. Microstructure in the Ultrafine-Grained State

After applying the ECAP method, the transformation of the initial coarse-grained structure into
an inhomogeneous grain–subgrain ultrafine-grained structure with an increased dislocation density
was observed (Figure 7). The microdiffraction pattern corresponds to an ultrafine-grained structure
with the presence of diffuse cords.
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Figure 7. Microstructure of the Ti-50.8 at.% Ni alloy in the ultrafine-grained (UFG) state: (a) optical
microscopy (OM), (b) scanning electron microscopy (SEM), (c) bright-field image, (d) dark-field image.

As the number of martensitic transformation cycles increases, grains are observed in the structure
with predominantly nonequilibrium boundaries, which may indicate a highly defective structure
(Figure 8). Nevertheless, complex dislocation structures formed in the grains—various accumulations
and tangles—and the density of dislocations increased. The average size of structural elements in the
UFG state without thermal cycling was 320 ± 15 nm, which decreased to 260 ± 20 nm after maximum
thermal cycling (Figure 9).

Figure 8. Cont.
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Figure 8. TEM images of the microstructure of the Ti-50.8 at.% Ni alloy in the UFG state: (a) n = 100,
(b) n = 100 with nanotwins, (c) n = 150, (d) n = 200, (e) n = 250, (f) n = 250 with large magnification.

Figure 9. Changes in the average grain size with an increase in thermal cycles in the UFG state.

3.2. X-ray Analysis of the TiNi Alloy

To determine the effect of multiple martensitic transformations on the structural characteristics
of the Ti-50.8 at.% Ni alloy, an X-ray diffraction analysis was performed at room temperature. X-ray
diffraction patterns of the alloy indicate that the main phase in the CG state is B2-austenite (Figure 10).
After TC with the maximum number of cycles, the X-ray diffraction pattern indicates a change in the
phase composition; instead of peaks on the B2 phase, a doublet peak of phase B19′ is observed. A
slight broadening of all peaks and a decrease in their intensity were observed (Figure 10). This can be
explained by structural changes in the alloy—an increase in the density of dislocations accumulating
during multiple cycles and an increase in internal microdistortions.
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Figure 10. XRD patterns of the Ti-50.8 at.% Ni alloy in the coarse-grained state before thermal cycling
and after maximum thermal cycling.

The X-ray diffraction pattern of the alloy in the UFG state also corresponds to the B2 phase of
austenite (Figure 11). Moreover, there were more lines in this state than in the coarse-grained state. After
TC, there was a broadening of the main peaks (Figure 11), which is caused by distortions of the crystal
lattice and large values of microdistortions. However, there was no change in the phase composition
of the alloy. The presence of only the B2 phase in the X-ray diffraction pattern in the ultrafine-grained
state after the maximum number of cycles can be explained by the fact that, in this state, the structure is
more homogeneous and the reverse transformation proceeds with the formation of an intermediate R
phase with lower transformation energy. This all contributes to the reverse martensitic transformation,
and in the UFG state it completely ends. In the case of the coarse-grained state, the structure is
more heterogeneous, which affects the heterogeneity of the martensitic transformation; therefore,
part of the material may contain a martensitic phase, the presence of which is recorded by X-ray
diffraction analysis.

Figure 11. XRD patterns of the Ti-50.8 at.% Ni alloy in the ultrafine-grained state before thermal cycling
and after maximum thermal cycling.

Based on the obtained X-ray diffraction data, the following structural parameters were calculated:
coherent scattering regions (CSRs), lattice parameter (a), magnitude of the root-mean-square
microdistortions of the crystal lattice (<ε2>1/2), and dislocation density (ρ) [26]. The results are
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shown in Table 2. An analysis of the structural parameters showed that in both states there is a decrease
in the CSR values, an increase in internal microdistortions, and an increase in the dislocation density
related to them. The dislocation density increased more in the ultrafine-grained state than in the
coarse-grained state, which suggests that a higher density of grain boundaries and a smaller grain size
contribute to the intensity of defect accumulation.

Table 2. Structural parameters of the Ti-50.8 at.% Ni alloy.

State

Parameters of Structure

Parameter Lattice a, Å CSR, nm <ε2>1/2 × 10−4 ρ × 1015, m−2

CG 3.013 ± 0.001 97 ± 2 0.8 ± 0.1 0.5 ± 0.1

CG + TC 2.895 ± 0.001
(monoclinic) 37 ± 2 2.2 ± 0.1 1.6 ± 0.1

Δ 0.118 60 1.4 1.1

UFG 3.011 ± 0.003 35 ± 3 2.7 ± 0.1 5.3 ± 0.15

UFG + TC 3.013 ± 0.001 19 ± 2 3.4 ± 0.1 7.1 ± 0.1

Δ 0.002 16 0.7 1.8

Δ = Parameter difference between the initial state of the alloy and the state after TC.

3.3. Differential Scanning Calorimetry (DSC)

According to the data obtained in the coarse-grained state, during direct martensitic transformation
(DMT), one distinct exothermal peak appears on the DSC curves. During the reverse martensitic
transformation (RMT), an endothermic peak is observed associated with the appearance of the
high-temperature austenitic phase B2 from the martensitic phase B19′. After thermal cycling with n =
100 cycles, a peak was observed from the intermediate R phase during direct martensitic transformation
and a decrease in the temperatures of martensitic transformations (Ms, Af). After the maximum number
of cycles, a multidirectional change in temperatures was observed, including a slight decrease in the
temperatures of the beginning of the direct conversion (Ms) and the end of the reverse (Af), and an
increase in the temperatures of the end of the direct conversion (Mf) and the beginning of the reverse
(As) (Table 3). In the ultrafine-grained state, a decrease in martensitic temperatures was observed with
an increase in the number of cycles from 0 to 250; at the same time, in this state, a transformation with
the formation of an intermediate R phase proceeded without thermal cycling, and thermal cycling
reduces temperatures—Rs (the temperature of the start of R transformation with direct MT) and Rf

(the temperature of the end of the R transformation with direct MT). In this case, the decrease in the
temperatures of direct martensitic transformation in the ultrafine-grained state was lower than that in
the coarse-grained state. The graphs of the DSC curves of Ti-50.8 at.%Ni alloy are plotted according to
Table 3 (Figure 12).

Table 3. Results of differential scanning calorimetry (DSC) of the Ti-50.8 at.% Ni alloy.

States
Number of

Cycles
Ms, ◦C Mf,

◦C Rs, ◦C Rf,
◦C As, ◦C Af,

◦C Af
R, ◦C

CG

n = 0 3.07 −60.11 - - −25.07 26.83 -

n = 100 −38.60 −98.32 8.46 - −29.55 8.47 -

n = 250 −49.63 −70.23 11.62 −29.5 −18.33 −8.14 -

UFG

n = 0 −13.52 −80.96 39.44 2.18 6.11 33.16 -

n = 100 −16.98 −74.27 38.60 2.24 7.83 36.65 -

n = 250 −59.72 −83.09 15.10 −32.07 −19.87 −9.87 7.97

Af
R = Temperature of the end of the reverse transformation with an intermediate R phase.
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Figure 12. DSC curves of the Ti-50.8 at.% Ni alloy in CG (a) and UFG (b) states.

3.4. Mechanical and Functional Characteristics of Ti-50.8 at.% Ni Alloy during Thermal Cycling

In both CG and UFG states of the Ti-50.8 at.%Ni alloy, the values of microhardness as a result
of multiple martensitic transformations increased slightly compared to the state before thermal
cycling (Figure 13). However, in the first 50–100 cycles, a more intense increase in microhardness is
characteristic, then the values stabilize and saturation occurs after 100 cycles of transformations.

Figure 13. The dependence of microhardness on the number of thermal cycles in various states.

The results of mechanical tensile tests are presented in Figures 14 and 15 for CG and UFG states.
The functional characteristics determined from the analysis of mechanical tensile tests are presented in
the form of graphs of the dependence of the estimated reactive stress (σreac) and plateau length at the
phase yield stage, used as an estimate of the recovery deformation (εrec) on the number of thermal
cycles (Figure 16).

The most sensitive characteristic to thermal cycling is the yield strength. In both states of the alloy,
it increases with an increase in the number of cycles. UFG states up to TC are characterized by higher
values of strength and yield strength due to the contribution of grain boundary hardening. The tensile
strength in the CG state increased to 150 cycles, then the values decreased and did not change. This
is probably due to the fact that after a certain number of cycles (in CG state, n = 150), the material is
saturated and no further increase in characteristics is observed. In the UFG state, with an increase in
the number of cycles of multiple transformations, the values of the tensile strength increased until
reaching 100 thermal cycles; then, a decrease in the parameter was observed, which can be explained
by the heterogeneity of the formed structure.
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Figure 14. The dependence of the ultimate tensile stress of the alloy on the number of thermal cycles.

Figure 15. The dependence of the yield stress of the alloy on the number of thermal cycles.

Figure 16. The dependence of the functional characteristics of the alloy on the number of thermal
cycles: (a) coarse-grained state, (b) ultrafine-grained state.

According to the constructed graphs (Figure 16), the functional characteristics (the magnitude of
the reversible deformation and the estimated reactive stress) increased slightly and then remained
stable both in the CG and in the UFG states with an increase in thermal cycles.

4. Discussion

The results of this study showed that during multiple martensitic transformations, dislocations
were generated and accumulated in the Ti-50.8 at.% Ni alloy. This process occurs intensively in the first
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100 cycles, after which a saturation effect is observed and the structure and mechanical characteristics
practically do not change. The saturation effect also leads to the stabilization of martensite, which is
reflected in changes in the temperatures of martensitic transformations. Thus, the obtained results
allow us to state that, as a result of thermal cycling to 100–150 cycles, a change in structural parameters
and mechanical and functional characteristics is observed, but a subsequent increase in the number of
cycles, in general, results in the stabilization of the alloy in both coarse and ultrafine grains. Thus, it
can be said that, for this alloy, 100–150 cycles are sufficient to enhance the mechanical and functional
characteristics and form a stable structure.

5. Conclusions

1. As a result of thermal cycling in the Ti-50.8 at.% Ni alloy, an increase in the dislocation density
occurs, internal stresses in the CG and UFG states increase, the size of the structural components
decreases slightly, which is associated with the formation of dislocation walls and sub-boundaries.

2. When studying the microhardness of titanium nickelide in the CG and UFG states as a result of
multiple cycles, the values slightly increase compared to the state before thermal cycling. The first
100 cycles are characterized by a more intense increase in microhardness, then the values stabilize.

3. As a result of mechanical tensile tests for the alloy in both CG and UFG states, the mechanical
properties increase slightly, especially the yield strengths and phase yield stresses. Saturation
occurs after 150 cycles. Furthermore, in the states under study as a result of repeated martensitic
transformations, the functional characteristics—the estimated reactive stress and the length of the
phase yield area, which determines the magnitude of the reversible deformation—remain stable.

4. The Ti-50.8 at.% Ni alloy in the UFG state is more attractive for applications, since in this state a
higher level of properties is obtained compared to the coarse-grained state. In addition, the UFG
state shows greater stability during thermal cycling with a large number of cycles.
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Abstract: Ti15Mo metastable beta Ti alloy was solution treated and subsequently deformed by
high-pressure torsion (HPT). HPT-deformed and benchmark non-deformed solution-treated materials
were annealed at 400 ◦C and 500 ◦C in order to investigate the effect of UFG microstructure on the
α-phase precipitation. Phase evolution was examined using laboratory X-ray diffraction (XRD) and by
high-energy synchrotron X-ray diffraction (HEXRD), which provided more accurate measurements.
Microstructure was observed by scanning electron microscopy (SEM) and microhardness was
measured for all conditions. HPT deformation was found to significantly enhance the α phase
precipitation due the introduction of lattice defects such as dislocations or grain boundaries, which
act as preferential nucleation sites. Moreover, in HPT-deformed material, α precipitates are small and
equiaxed, contrary to the α lamellae in the non-deformed material. ω phase formation is suppressed
due to massive α precipitation and consequent element partitioning. Despite that, HPT-deformed
material after ageing exhibits the high microhardness exceeding 450 HV.

Keywords: β titanium alloys; severe plastic deformation; α phase precipitation; phase composition;
high energy synchrotron X-ray diffraction

1. Introduction

The interest in metastable β-Ti alloys has gradually increased due to their high specific strength,
which make them ideal for applications in the aerospace industry [1]. Manufacturing of medical
implants and devices is another high-added-value field and constitutes a prospective application of
metastable β titanium alloys [2]. These alloys offer higher strength levels than commonly used α + β

alloys due to controlled precipitation of tiny particles of α phase [3]. The strength of titanium and
Ti-based alloys can be further improved by achieving an ultra-fine grained (UFG) structure via severe
plastic deformation methods (SPD) [4–7]. Manufacturing of UFG metastable β-Ti alloys is of significant
interest as demonstrated by recent reports [8–11]. This study focuses on the effect of microstructure
refinement by SPD on the precipitation of α phase upon subsequent thermal treatment.
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The α phase forms in metastable β Ti alloys by a standard mechanism of nucleation and growth.
The kinetics of α phase formation in a solution-treated material is generally given by chemical
composition of the alloy and the temperature of ageing. However, α phase precipitation also strongly
depends on the microstructure since α phase particles nucleate at preferential sites such as grain and
subgrain boundaries and dislocations [12,13].

In some β-Ti alloy, nanosized ω phase particles can also act as preferential nucleation sites for
precipitation of α phase, although the exact mechanism of ω formation has not been fully resolved
yet [14–18]. It is therefore of significant interest to investigate α phase precipitation in the presence
of high concentration of lattice defects (UFG material) in an alloy prone to the ω phase formation.
Binary metastable Ti15Mo alloy used in this study consists, similarly to other β-Ti alloys with similar
degree of β stabilization, of a mixture of β and ωath (athermal ω) phases in the solution-treated (ST)
condition [19,20]. This ωath phase forms during quenching of the alloy from the temperatures above β

transus by a displacive diffusionless mechanism [21]. However, it was also reported that ω phase can
form as a result of high deformation, and is referred to as deformation induced ω [8,22]. The β→ωath

transformation is reversible up to a temperature of 110 ◦C [23]. Upon ageing at higher temperatures,
the ωath particles become stabilized by diffusion i.e., in Ti15Mo alloy by expelling Mo. This phase is
referred to as ωiso (isothermal ω) [24]. The size of particles of ωiso phase is typically in the range of
few nanometers up to 100 nm [19,24].

Solution-treated Ti15Mo alloy was processed by high-pressure torsion (HPT) [5] in order to achieve
ultra-fine grained (UFG) microstructure with a high density of lattice defects. The equivalent von
Mises strain achieved by HPT is heterogeneous and can be calculated according to Equation (1) [25]:

εvM =
2πNr√

3h
(1)

where r represents the distance from the center of the sample, h is the thickness of the specimen, and N
is the number of revolutions. The equivalent inserted von Mises strain after a single HPT rotation (N =
1, r = 10 mm and thickness h of 1 mm) ranges from 0 (the exact center) up to 35 = 3500% (periphery).
Such extreme strain results in a dislocation density exceeding ρ = 5 × 1014 m−2 and grain size in the
range of hundreds of nanometers [11,26].

The objective of this study was to investigate the effect of SPD on the mechanisms and kinetics of
α phase precipitation and to compare it with the precipitation in the non-deformed solution-treated
material. Both laboratory X-ray diffraction (XRD) and high-energy XRD using synchrotron radiation
(HEXRD) were employed for this experimental study.

2. Materials and Methods

Ti15Mo (wt%) alloy was supplied by Carpenter Co. (Richmond, VA, USA) in the form of a rod with
the diameter of 10 mm. The as-received material was solution treated (ST) in an inert Ar atmosphere
at the temperature of 810 ◦C for 4 h and subsequently water quenched. The cylindrical samples
of the length of 5 mm were first cut from the rod and pressed with 6 GPa to achieve disk-shaped
samples with the diameter of 20 mm and the thickness of approximately 1 mm. Disk samples were
subsequently subjected to HPT deformation at room temperature at Ufa State Aviation Technical
University (USATU), Russian Federation. Note that this pre-HPT deformation induced deformation of
about 75% is significantly lower than the actual HPT deformation. The detailed description of the HPT
method can be found elsewhere [5]. For this study, samples after N = 1 HPT rotation were prepared.

ST and HPT deformed samples (hereafter referred to as non-deformed and HPT-deformed,
respectively) were aged at temperatures of 400 ◦C and 500 ◦C for 1, 4, and 16 h. The ageing was
performed by immersing the samples to preheated salt-bath (i.e., with very high heating rate) without
air access and subsequently water quenched. HPT samples for scanning electron microscopy (SEM)
and microhardness study were prepared from the periphery part of the disks (>5 mm from the center)
where the imposed strain is maximum. For XRD measurements, a quarter of a disk-shaped sample
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was used. All samples were mechanically grinded and polished by standard methods followed by a
three-step vibratory polishing.

The microstructure of the specimens was observed using SEM Zeiss Auriga Compact Cross Beam
(Jena, Germany) equipped with the energy dispersive spectroscopy (EDS) detector operated at 4 kV.
K-line and L-line for Ti and Mo, respectively, were used for quantification of EDS data.

XRD measurement of the non-deformed Ti15Mo alloy was performed employing a Bruker
D8 Advance powder X-ray diffractometer using Cu Kα radiation (Bruker AXS GmbH, Karlsruhe,
Germany), with a variable divergent slit and a Sol X detector. The width of the beam was 6 mm and
the sample was rotated, allowing it to probe the whole specimen surface. XRD measurements of the
HPT-deformed Ti15Mo alloy were carried out on Bruker D8 Discover powder X-ray diffractometer.
Vertical Bragg-Brentano geometry (2.5◦ Soller slits in both primary and secondary beam and 0.24◦
divergence slit) with filtered Cu Kα radiation was used. Beam size of 20 mm × 5–15 mm (depending on
the θ angle) was used. Note that the beam size is comparable to the size of the HPT disk. Diffraction
patterns in both cases were collected at room temperature in the 2θ range from 30◦ to 130◦ and were
analyzed using LeBail approach in the program Jana2006 (Václav Petríček, Michal Dušek and Lukáš
Palatinus, Institute of Physics Academy of Sciences, Prague, Czech Republic).

The HEXRD measurement was carried out at the P07-HEMS beamline of PETRA III (Deutsches
Elektronen-Synchrotron, Hamburg, Germany) [27] using the energy of 100 keV (λ = 0.124 Å) in a
transmission mode perpendicular to the HPT surface. Patterns of entire Debye–Scherrer rings were
acquired ex-situ from the bulk of Ti15Mo samples at room temperature. A PerkinElmer XRD 1621
image plate detector was used. The samples were kept fixed during the acquisition and measured
5 mm from the center of the sample with an incident beam of slit size of 1 × 1 mm2. The acquired
diffraction patterns were processed by Rietveld structural refinement using FullProf software (Juan
Rodriguez Carvajal, ILL Grenoble, France). Azimuthal averaging over 360◦ was performed first.
HEXRD diffractograms after azimuthal averaging were treated by the March–Dollase approach in
order to obtain at least rough estimates of volume fractions of individual phases. In fact, β phase peaks,
which are the most intensive, could be fitted without the March–Dollase ‘adjustment’. Nevertheless,
diffractions of evolving α and ω phases had to be treated by the March–Dollase approach to achieve
reasonable agreement with the measured data [28]. Even with the use of the March–Dollase approach
the resulting R-factors of the fit accuracy range between 15–20 for α and ω phases, while R-factor for β
phase is around 10.

The microhardness of the samples was measured using the Vickers method with the use of
microhardness tester Qness Q10a (Golling, Austria). Note that all samples from HPT disks were cut
from the area at least 5 mm distant from the center where microhardness of HPT N = 1 condition is
saturated [8]. For each specimen 0.5 kg load and the dwell time of 10 s were applied. At least 20
indents were evaluated for each sample in order to get satisfactory statistical results.

3. Results

3.1. Initial Conditions

Microstructure

The initial microstructure of the ST Ti15Mo alloy is shown in Figure 1. A coarse-grained (CG)
structure consisting of grains of the average size of ~50 μm is well visible due to the channeling
contrast. In addition, brighter and darker and areas are also visible in the material due to the chemical
contrast (marked by yellow arrows in Figure 1). These chemical inhomogeneities were investigated by
EDS. Table 1 summarizes the results of the EDS point analysis. Note that results were obtained by
standardless EDS in which the measured spectra are compared to the data collected from standards
by the EDS manufacturer under different conditions (namely different beam conditions). Such data
are therefore subjected to systematic error and as such they are not fully reliable in terms of exact
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quantitative Mo content determination. However, the relative difference in chemical composition
between different areas is accurate and unambiguous.

 
Figure 1. Scanning electron microscopy–back-scattered electrons (SEM–BSE) micrograph of the
solution-treated (ST) Ti15Mo alloy (the yellow arrows indicate chemical inhomogeneities in the
material).

Table 1. Chemical composition of the darker and brighter bands (marked by yellow arrows in Figure 1)
as determined by energy dispersive spectroscopy (EDS) point analysis.

Element Brighter Part (wt.%) Darker Part (wt.%)

Ti 83.3 ± 0.5 85.7 ± 0.4
Mo 16.7 ± 0.5 14.3 ± 0.4

Local chemical inhomogeneities in the ST material were also investigated by EDS mapping. In
Figure 2a, several β-grains and darker and lighter areas (visible especially in the top left corner of the
image) are visible due to channeling contrast and chemical contrast (Z-contrast), respectively. EDS
mapping confirms the chemical inhomogeneity—darker areas in Figure 2a contain less Mo as shown
in Figure 2b. Variations in the local content of Mo (β stabilizing element) may affect the phase stability
of the β phase matrix.

  
Figure 2. Local chemical inhomogeneities in ST Ti15Mo alloy: (a) scanning electron microscopy–
secondary electrons (SEM–SE) micrograph of the area of interest, (b) corresponding element map of
Mo using EDS.

The chemical inhomogeneities were also studied in the HPT-deformed sample. The SEM–BSE
micrograph in Figure 3 clearly shows lighter and darker bands corresponding to the chemical
composition differences, which were also confirmed by EDS. Darker areas with lower Mo were formed
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from curly bands in the non-deformed material (Figure 1). In HPT deformed material, they are
elongated in the direction of the deformation (Figure 3).

Figure 3. SEM–BSE micrograph of Ti15Mo alloy after high-pressure torsion (HPT) processing. Surface
of HPT disk with highlighted direction of deformation (azimuthal direction). Darker and brighter areas
are caused by the difference in chemical composition (black dots are polishing artefacts).

3.2. Non-Deformed and HPT-Deformed Material after Ageing

3.2.1. The Evolution of Microstructure during Ageing

SEM–BSE micrographs in Figure 4 show the evolution of the microstructures of the non-deformed
material after ageing at 400 ◦C and 500 ◦C for 1–16 h. The microstructure consists of coarse-grained β

matrix. At least one triple-junction is shown in each image. After ageing at 400 ◦C for 1 and 4 h, only β

matrix is observed. In the specimen aged for a longer time (400 ◦C/16 h), nanometer-sized precipitates
are seen in the SEM–BSE micrograph (note the higher magnification of this micrograph). These small
ellipsoidal particles are particles of ω phase, which are visible due to chemical partitioning—ω phase
particles are slightly Mo depleted [29]. Ageing at the higher temperature of 500 ◦C resulted in a
precipitation of continuous and coarse α phase along grain boundaries (hereafter referred to as grain
boundary α or GB α), which is also Mo depleted and appears as a long dark particle along the former
β/β boundary (indicated by a yellow arrow). In the vicinity of the β grain boundaries, α phase particles
with a typical lamellar morphology precipitated. Small ellipsoidal particles in the grain interior belong
to ω phase. The contrast of these particles increases with the increasing ageing time due to ongoing
chemical partitioning. After ageing at 500 ◦C for 16 h, tiny ellipsoidal ω particles are clearly seen in
grain interiors, GB α is visible along the former β/β grain boundaries and α lamellae span from the
GB α to the grain interiors. In conclusion, ω particles with ellipsoidal morphology can be observed
by SEM in the grain interior after ageing at 500 ◦C and the fraction of α phase particles with lamellar
morphology increases with increasing time of ageing at 500 ◦C. The coexistence of all three β, α, and ω

phases is observed.
Figure 5 shows the microstructures of the HPT-deformed samples after ageing. Already after

ageing at 400 ◦C/1 h, significant differences between the non-deformed and HPT-deformed specimens
can be observed. In the non-deformed material, there is no evidence of α phase particles. On the other
hand, small and equiaxed α particles already precipitated in HPT sample. In specimens aged at 400 ◦C
for longer times of 4 h and 16 h, the volume fraction of the α phase increased and, simultaneously, α
precipitates coarsened. Moreover, the precipitation is not homogeneous—some areas contain clearly
more α phase particles. Ageing at 500 ◦C resulted in the formation of larger α particles, which are
generally equiaxed, but not round—rather polygonal and sharp edged.
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Figure 4. SEM–BSE micrographs of the non-deformed samples after ageing.

   

   

Figure 5. SEM–BSE micrographs of the samples deformed by high-pressure torsion (HPT-deformed
samples) after ageing.

3.2.2. Evolution of Phase Composition during Ageing

The phase composition of the non-deformed and HPT-deformed samples before and after ageing
is shown in laboratory XRD patterns in Figures 6 and 7, respectively. Both the measured (thin black
curves) and fitted (colored curves) XRD patterns are shown. The interplanar distance is displayed
on the horizontal axis for the comparison to the HEXRD data, while the y-axis shows the intensity in
a logarithmic scale, allowing one to distinguish small peaks. The most important peaks, which best
describe the evolution of emerging phases, are marked with arrows—full and open arrows for α and ω

phase, respectively. A quantitative determination of phase content is not possible. The non-deformed
specimen contains large grains with the size of hundreds of micrometers while HPT-deformed material
is severely plastically deformed with high dislocation density and high internal stress resulted in the
broadening of XRD peaks. Moreover, in both conditions, the grains have a preferred orientation as can
be revealed from the relative intensity of the peaks. Therefore, laboratory XRD patterns could not be
successfully fitted by any other method than the simple LeBail approach. However, several qualitative
comparisons can be made.
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Figure 6. X-ray diffraction (XRD) patterns (in log-scale) of aged conditions of the non-deformed Ti15Mo
alloy. Black thin curves correspond to data, colored curves are numerical fits. Non-deformed without
ageing (red curve) and aged conditions (other colored curves) are displayed. The patterns are vertically
shifted for clarity. The most important peaks are marked by full and open arrows for α and ω phase,
respectively. Two unfitted peaks around dhkl = 1.9 originated from the sample holder.

The non-deformed Ti15Mo alloy contains a mixture of β and ω phases. However, the identification
of the ω phase content is difficult due to overlapping peaks of β and ω peaks. Nevertheless, ω peaks
(11–22)ω and (11–21)ω can be observed at the inter planar distances dhkl ≈ 1.2 Å and dhkl ≈ 1.8 Å,
respectively, as shown in Figure 6. Ageing of the non-deformed specimen at 400 ◦C/1 h (red curve in
Figure 8) resulted in an increase of the intensity and narrowing of ω peaks (open arrows). In addition,
small α phase peaks are also visible (full black arrows). XRD patterns of the non-deformed material
aged at 400 ◦C for 1, 4, and 16 h are very similar. In the specimen aged at 500 ◦C for 1 h, the α phase
is clearly present (full arrows in Figure 6). Moreover, its volume fraction increases with increasing
ageing time (4–16 h), as also confirmed by SEM observations (cf. Figure 5); ω phase is still present in
the specimen aged 500 ◦C even for the longest time of 16 h reported in [29].
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Figure 7. XRD patterns of aged conditions of the HPT-deformed Ti15Mo alloy: HPT-deformed without
ageing (black curve) and aged under different conditions (colored curves) are displayed. The patterns
are vertically shifted for clarity. The most important peaks are marked by full and open arrows for α
and ω phase, respectively.

Figure 8. High-energy synchrotron X-ray diffraction (HEXRD) pattern of the HPT-deformed sample.

The XRD pattern of the HPT deformed specimen exhibits significantly broadened peaks due to
enhanced dislocation density and reduced crystallite size in this specimen. Moreover, the peaks are
slightly shifted to different values of interplanar distances due to residual stresses in the deformed
material—the direction of the shift depends on the type of the residual stress [30].
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The ω phase content in the HPT sample seems to be inferior to that in the non-deformed sample;
only a tiny peak can be resolved at the interplanar distance dhkl ≈ 1.2 Å. However, the most intensive
peaks of the ω phase coincide with the peaks of the β phase.

In order to obtain more precise information about volume fraction of individual phases, HEXRD
measurement was carried out on the HPT-deformed sample. In contrast to the laboratory XRD, HEXRD
provides a better signal-to-noise ratio and the simultaneous measurement of the scattering signal in
various directions due to the use of a 2D detector and subsequent azimuthal averaging. Consequently,
a better resolution of small peaks, namely those of the ω phase, is achieved. Figure 8 shows the
HEXRD pattern of the HPT specimen. Both the measured and fitted intensities as well as the difference
curve between the fitted and measured intensity are shown in Figure 8. The results indicate that the
HPT-deformed alloy is a two-phase material with volume fractions of the β and ω phase of 72% and
28%, respectively (the error of the volume fractions estimation is approximately ±5%).

In order to get more accurate results, the selected HPT-deformed specimen after ageing at 400
◦C/1 h was examined using HEXRD. Both the measured and fitted intensity and the difference between
the fitted and measured data are displayed in Figure 9.

Figure 9. HEXRD pattern of the HPT-deformed sample after aging 400 ◦C/1 h.

The volume fractions of individual phases in HPT-deformed sample before and after ageing at
400 ◦C/1 h are summarized in Table 2. The non-aged HPT-deformed material contains a high-volume
fraction of the ω phase (28%). After ageing, the volume fraction decreases to approximately 9%. This
is caused by enhanced volume fraction of the α phase, which reaches 23% in the aged condition.

Table 2. Volume fraction of individual phases in HPT-deformed Ti15Mo alloy as determined from high
energy synchrotron X-ray diffraction (HEXRD). The experimental errors are also shown.

Material
Volume Fraction of the

β Phase
Volume Fraction of the

ω Phase
Volume Fraction of the

α Phase

Ti15Mo HPT 72% ± 5% 28% ± 5% -
Ti15Mo HPT + ageing

400 ◦C/1 h 67% ± 5% 9% ± 3% 23% ± 4%

3.2.3. Microhardness Evolution during Ageing

Figure 10 shows the dependence of Vickers microhardness on ageing of the non-deformed
and HPT-deformed samples. Ageing of both samples at 400 ◦C resulted in an abrupt increase of
microhardness. In the non-deformed specimen, the microhardness increases with increasing ageing
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time at 400 ◦C. On the other hand, in the HPT-deformed sample aged at 400 ◦C for 1 h the microhardness
reaches the maximum (500 HV). With increasing ageing time at 400 ◦C the microhardness continuously
decreases. Specimens aged at 500 ◦C exhibit lower microhardness than specimens aged at 400 ◦C. The
microhardness of HPT sample aged at 500 ◦C for 16 h even drops below the microhardness of the
non-aged HPT specimen.

Figure 10. The evolution of the microhardness during ageing in the non-deformed and
HPT-deformed samples.

4. Discussion

4.1. Enhanced α Phase Precipitation

A significant difference in the evolution of α phase in the non-deformed and the HPT-deformed
conditions was observed. α phase is known to precipitate preferentially along the grain boundaries
as so-called grain boundary α (GB α) [31]. Enhanced α phase precipitation was also found in
pre-deformed materials due to the high dislocation density [32,33]. High concentration of defects in the
HPT-deformed condition reduce the energy barrier for the nucleation of α phase. The growth of an α

nuclei and its coarsening is controlled by the diffusion of Mo (β stabilizing element) in the β matrix [34].
It is well-known known that the pipe diffusion along dislocation cores as well as the diffusion rate
along grain boundaries are several orders of magnitude higher than the bulk diffusion [35]. As a
consequence, the growth of the α precipitates along grain boundaries is also accelerated. The enhanced
precipitation of the α phase in severely deformed metastable β Ti alloys was reported in several
studies [36,37]. In the coarse-grained material, α phase particles precipitate in the form of lamellae,
because certain mutual orientations of neighboring α and β lattices are associated with the significantly
lower interfacial energy and therefore, lamellar shape is optimal for the reduction of the total interfacial
energy of a precipitate [38]. On the other hand, α particles in the HPT-deformed materials are equiaxed,
but not round—detailed inspection of Figure 5 reveals that particles are rather polygonal and sharp
edged. It is assumed that α phase particles nucleate at triple junctions and all observed α particles are
in fact GB α.

Ageing of HPT-deformed material (particularly at 400 ◦C/16 h) resulted in an inhomogeneous
precipitation of α particles. Such inhomogeneity was reported to be caused by shear bands formed
in the HPT deformed material [36,37,39,40]. However, we did not find any shear bands in the HPT
material. On the other hand, we observed chemical inhomogeneities both in the non-deformed and
in the HPT-deformed sample. In the latter case, the inhomogeneities are extended in the direction
of HPT deformation (cf. Figure 3). As a consequence, the nucleation of the α phase particles may
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be therefore promoted in the areas depleted in Mo, even if the shape and the scale of precipitation
inhomogeneities in Figure 5 cannot be directly compared to Mo-depleted regions in Figure 3 due to
very different magnification (zone of observation).

In the specimen aged at 500 ◦C, ω phase was retained in the non-deformed material while it was
completely absent in the HPT-deformed specimen. Enhanced precipitation of the α phase results in the
rejection of the β stabilizing Mo to the surrounding β matrix causing a thermodynamic stabilization of
the β matrix and suppression of the formation of the ω phase HPT deformed material [26]. Similar
behavior, i.e., the preferred α phase precipitation over the formation of the ω phase, was observed in
Ti-25Nb-2Mo–4Sn alloy deformed by cold-rolling [41].

4.2. Microhardness Evolution

Microhardness is significantly increased by HPT deformation as discussed in detail in [8] due to
the microstructural refinement, the introduction of high dislocation density, and increased content of ω
phase. Ageing of both non-deformed and HPT-deformed materials at 400 ◦C resulted in microhardness
increase. Moreover, similar microhardness values were observed in both conditions. However, the
similar increase of the microhardness can be attributed to different effects in both conditions.

The hardening of the non-deformed material aged at 400 ◦C is caused by the ω particles—the
nano-sized ω particles are stabilized by diffusion, their size increases, and they act as much stronger
obstacles for motion of dislocations. One may assume that a moving dislocation can pass through (cut)
ωath particles (known as Friedel effect [42]) as they are small and coherent. It is well known that the
shear stress required for a dislocation to pass through a precipitate increases with its increasing size
(within the Friedel’s limit) and/or with increasing strength of the obstacle to dislocation motion [42,43].
Due to this and also because of the increasing volume fraction of ω phase, the hardness of the
non-deformed material increases with increasing ageing time at 400 ◦C.

In HPT-deformed material, ageing at 400 ◦C already for 1 h results in the precipitation of tiny
α phase particles, which are incoherent and cause significant Orowan strengthening. On the other
hand, ω phase content is relatively low. The decreasing microhardness of the HPT material aged at 400
◦C for longer times (4 and 16 h) may be related to the coarsening of the α + β microstructure. Both β

matrix grains and α phase precipitates coarsen with increasing ageing time. The same process is even
more pronounced during ageing at 500 ◦C. The microhardness was found to monotonically decrease
with increasing ageing temperature and time. The maximum microhardness is therefore achieved in
the HPT specimen aged at 400 ◦C. In a recent study [44], HPT deformation of Ti15Mo/TiB composite
was performed at 400 ◦C and very high microhardness values (650 HV after N = 1 HPT revolution)
were achieved.

The microhardness of the non-deformed material aged at 500 ◦C is inferior to that of the material
aged at 400 ◦C for all ageing times. The relative decrease of microhardness of the non-deformed
material with increasing temperature of ageing may be attributed to the decreasing volume fraction
and increasing size of ω particles, whose size is well beyond the Friedel’s limit.

Severe plastic deformation of the parent β phase and the introduction of high density of defects
significantly accelerates the α phase precipitation. An important additional effect of this enhancement is
the reduction of the content ofω phase and its disappearance at comparatively low ageing temperatures.

5. Conclusions

Metastable β titanium Ti15Mo alloy was prepared by HPT and subsequently aged at 400 ◦C and
500 ◦C. Phase transformations were observed by XRD and SEM. The following conclusions can be
drawn from this study:

Precipitation of the α phase in the HPT-deformed material is significantly enhanced by the high
density of lattice defects such as dislocations or grain boundaries, which act as preferential nucleation
sites for α phase precipitation.
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α phase particles in the non-deformed material precipitate in the form of lamellae, while in the
HPT-deformed material, α precipitates are small, equiaxed, and polygonal in shape suggesting that
they all formed as grain boundary α at the β grains triple junctions.

Two-phase α + β microstructure continuously coarsens with increasing temperature and time
of ageing.

Deformation by HPT significantly increases the microhardness due to microstructural refinement,
but also due to the formation of ω phase.

During annealing, the microhardness of the non-deformed material is governed mainly by the
evolution of ω phase. In the HPT-deformed material, the main strengthening mechanism is the
precipitation of fine α phase particles.
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Abstract: Aluminium rods with different copper sheath thicknesses were processed by severe plastic
deformation at room temperature and then annealed, to join the constituent metals and produce a
nanocrystalline microstructure. A study of the effects of the deformation parameters, copper cladding
thickness and annealing temperature on the electrical conductivity and hardness of the conductors
is reported. It is shown that an interface forms between constituents because of intermixing in
the course of severe shear deformation under high hydrostatic pressure and diffusion during the
subsequent annealing. The effective conductivity of the aluminium copper-clad conductor dropped
after deformation, but was recovered during annealing, especially during short annealing at 200 ◦C,
to a level exceeding the theoretically predicted one. In addition, the annealing resulted in increased
hardness at the interface and copper sheath.

Keywords: aluminium copper-clad rod; hardness; effective electrical conductivity; severe
plastic deformation

1. Introduction

Copper-clad aluminium (CCA) wire is a well-known conductor produced by extrusion of an
aluminium rod in a copper can. Al-Cu hybrid materials combine the high conductivity of copper with
the lightweight of aluminium. These wires, used in high frequency applications, offer the advantages
of better conductivity due to the skin effect, and higher strength and corrosion resistance compared to
all-aluminium wire, while costing less than all-copper wire [1]. The well-known study of copper-clad
wires [2] shows that at very high frequencies, these wires’ electrical properties approach those of a
solid copper conductor.

Extrusion of aluminium–copper bi-metallic rods is performed in several reduction steps that
are combined with annealing to restore the materials’ ductility. The annealing; however, leads to
enhanced diffusion between constituents and the formation of brittle aluminium–copper intermetallic
compounds at the interface [3,4], which affects the composite wire’s conductivity [5,6]. The interface
formed between aluminium and copper consists of a number of intermetallic compounds (up to 13
stable intermetallic phases according to Murray [7]), the formation of which depends on the annealing
temperature and duration. The conductivity of these phases is shown to be many times lower than
that of the constituent materials [5,6].

A different approach, considered here, suggests replacing the extrusion process with a severe
plastic deformation (SPD) process [8,9]. We have already used a similar method for aluminium–steel
conductors in [10]. Since SPD introduces a gigantic shear strain into the processed material, especially
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in the vicinity of the interface [11,12], it is expected that the bonding between aluminium and copper
will appear at low temperatures due to intermixing. During SPD processing, this brittle intermetallic
layer will either not form or be destroyed and dissolved, which would improve the strength and
conductivity of the resulting wire. Low-temperature annealing was applied to assist the diffusion and
strengthening of the bond region.

In this work, aluminium rods with different copper sheath thicknesses were processed using SDP
at room temperature and then annealed. A study of the effect of SPD parameters, copper cladding
thickness, and annealing temperature on the electrical conductivity and strength of CCA conductors is
reported below.

2. Material and Experimental Techniques

Commercially-pure Al 1050 rods (Fe content of 0.352 ± 0.015 wt%) were inserted into 99.9% pure
copper tubes with an outer diameter of 10 mm and wall thicknesses of 0.4 and 0.7 mm, in such a
manner that compression was exercised on the aluminium rod surface, Figure 1. The copper tube
was heated to 150 ◦C to extend its diameter sufficiently to insert the cold aluminium rod. After the
tube cooled down, it shrank and created the compressive stresses at the surface of the rod. The initial
average grain sizes of the aluminium and copper were around 58 ± 25 μm and 96 ± 37 μm, respectively.

 

Figure 1. Aluminium rods cladded by copper with different thicknesses before deformation. (The left
image is a backscattered SEM image and the right one is an optical microscope image.).
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Samples were subjected to one and two passes of equal channel angular pressing (ECAP) using
Route A (no rotation between passes) and Route BC (90◦ rotation between passes). This was followed
by annealing according to two different schedules—namely, 200 ◦C for 5 min and 120 ◦C for 2 h.

The alloy’s microstructure in all conditions was characterised by high resolution scanning electron
microscope (HRSEM) Zeiss Ultra Plus, Jena, Germany). The interface zone, which was formed by
intermixing and diffusion, was characterised by energy-dispersive X-ray spectroscopy (EDX) (Oxford
Instruments, UK) in HRSEM.

A Vickers hardness test was performed using a Buehler MMT-7 micro-hardness tester (Lake Bluff,
IL, USA). The samples were polished with 500 grit sandpaper and 10 hardness measurements were
performed for each sample using a load of 200 g. The standard deviations from the mean value were
calculated as between 2.8 and 3.6.

The electrical resistivity of all these samples was measured at room temperature using the
four-point constant-current (DC) method. The resistivity was calculated as:

ρ =
V
I
·S
l′ , (1)

where V is the voltage change between two points on the side of the tubular samples at a distance
of l’ = 5 mm from each other, measured by a Keithley 2700 multi-meter. In addition, I = 10 A was
the constant current applied by a TDK Lambda current source through the top and bottom sides of
the samples over an area S of the tube cross-section, which was in contact with copper plates under
~250 Pa pressure.

3. Results and Discussion

3.1. The Grain Refinement during SPD and Annealing

Extreme grain refinement was observed in the deformed hybrid samples, especially in the outer
copper cladding where friction added to the severity of the shear strain. The microstructure, after two
ECAP passes (Route BC), followed by annealing, is shown in Figure 2. Due to SPD, the grain size in the
aluminium rod was reduced to 410 ± 150 nm and in the copper sheath to 180 ± 90 nm. The annealing
did not cause any grain growth in the copper as the temperature–time schedules were chosen to be
within the region of thermal stability suggested for high purity copper in [13]. The presence of Fe
precipitates decorating the grain boundaries in the aluminium also prevented grain growth in the
aluminium rod. Therefore, the annealing resulted in recovery of the dislocations within the ultrafine
grains of both constituents of the hybrid material and formation of a clean (free of dislocation within
the grain interior) ultrafine microstructure with sharp boundaries.

(a) (b) 

Figure 2. SEM images (back-scattered electrons) of the microstructure after two ECAP passes (Route BC)
and annealing. (a) Aluminium core; (b) copper sheath.
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3.2. Interface Formation during Room Temperature Deformation

Interface formation is typically governed by three mechanisms, namely, intermixing, inter-diffusion
and phase formation [14,15]. Room temperature deformation leads to intermixing when the surface
asperities are crushed during contact under high hydrostatic pressure and severe shear deformation [14],
mixing the constituents in a swirl flow (Figure 3). As a result of SPD; however, grain refinement
by rearrangement of accumulated dislocations takes place and many new defects are introduced
(for example, solid solutions of constituent atoms).

 
Figure 3. The inter-mixing zone resulting from intensive shear of constituents under high hydrostatic
pressure (black lines show the boundary of the intermixing zone where random islands of copper
within the aluminium can be seen).

Subsequent static annealing results in accelerated inter-diffusion, which adds to the formation
of the interface, Figure 4. SEM-EDX analysis of selected points in the vicinity of interface points
1–5 shows the diffusion of copper atoms into the aluminium matrix to a depth of about 750 nm
while aluminium atoms diffused into the copper matrix to a depth of around 250 nm, Figure 4a.
The concentration of aluminium at a distance of ~200 nm from the interface within the copper matrix
is around 12 at%, Figure 4b, which is below the concentration required to form any intermetallic
compound [7]. These results are similar to previously reported observations of interface formation in
aluminium/copper bimetallic tubes made by high-pressure tube shearing [11], and the formation of
intermetallic compounds detrimental to conductivity was not observed.

(a) 

Figure 4. Cont.
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(b) 

Figure 4. SEM-EDX analysis of selected points in the vicinity of the interface at two locations: (a) and (b).

3.3. Hardness

It can be seen, Figure 5, that the aluminium hardness raises gradually as the number of passes
increases. Due to the small number of ECAP passes; however, this increase is insignificant, from ~36 HV
at the initial annealed conditions to 40–42 HV after one ECAP pass and to 45–48 HV after two ECAP
passes. In contrast, the copper cladding hardness rises significantly from its initial annealed value
of 58 HV to 85–105 HV after deformation. The Cu-Al interface hardness displays a gradual increase
compared to the aluminium hardness due to non-homogeneous intermixing of constituents.

Figure 5. Hardness after deformation versus distance from the centre measured at six points in the
aluminium part (points 1–4), at the interface (point 5) and in the copper cladding (point 6). (The two
similarly coloured points at the interface and at the copper cladding represent measurements for thick
and thin sheaths).

It should be noted that annealing results in a decrease in the aluminium hardness and an
increase in the interface and copper sheath hardness (Figure 6). The effect of increased strength in
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ultrafine-grained (UFG) materials due to annealing has been observed and discussed quite recently
in several publications [16,17]. The reason for this phenomenon was believed to be the segregated
impurities at the grain boundaries. Nevertheless, the issue has still not been elucidated as high purity
metals in a nano-crystalline state demonstrated a similar effect. Further, several UFG materials show
hardening by annealing while others do not. For example, copper annealed after high-pressure torsion
at temperatures in the range of 0.25 to 0.3 Tm (depending on the copper purity) demonstrated similar
hardening behaviour, which was explained by agglomeration and annihilation of deformation-induced
vacancies [18].

Figure 6. Comparison of hardness after deformation (two passes Route BC) and annealing measured at
six points located in the aluminium part (points 1–4); at the interface (point 5); and in the copper part
(point 6) (measured for sample with thick sheath).

In our case, the temperature of annealing was chosen within the range defined for copper
in [17]. Subsequently, hardening of the copper and the interface zone was observed. The chosen
temperature; however, was high enough to change the crystallite size and dislocation density in
aluminium, causing softening of the aluminium core.

3.4. Electrical Conductivity

The electrical conductivity for parallel connection of conductors can be calculated using the rule
of mixture:

σe f = σAl fAl + σCu fCu = σAl(1− fCu) + σCu fCu

The effective conductivity of aluminium–copper-clad conductors, calculated using theoretical
conductivities for aluminium and copper constituents, is represented by the dashed line in Figure 7.
In reality; however, the effective conductivity was about 10% lower than the ideal theoretical value,
and was in the range of 55% to 60% IACS. The low initial conductivity could be explained by the Fe
high content in the solid solution and is in line with results published in [18].

The electrical conductivity measured after deformation shows strong dependence on the severity
of the deformation. The conductivity after one pass dropped from the initial value to 36.1% ± 3.6%
IACS for a thin sheath and to 60.5% ± 2.4% IACS for a thick sheath. The conductivity decreased further
after two deformation passes, more when using Route BC than when using Route A.

174



Metals 2019, 9, 960

Figure 7. Effective conductivity versus thickness of copper cladding after deformation.

Short annealing at 200 ◦C restored conductivity to a greater extent than prolonged annealing at
120 ◦C, especially for samples deformed by one or two passes along Route BC, as seen in Figure 8.
It should be noted that conductivity after annealing of samples with the thick sheath exceeded the
theoretical values (~68%IACS), represented by the dashed line in Figure 7 and reached ~75% IACS.
Connectivity of samples with thin sheath was worse due to defects introduced by SPD and leads
to the conclusion that the cladding thickness has the lower limit on the benefits offered by this
cladding technique.

Figure 8. Effective conductivity after deformation and two annealing schedules for different thicknesses
of copper cladding (the dashed line shows the theoretically predicted level of conductivity).
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4. Conclusions

Copper-clad aluminium rods with different copper sheath thicknesses were produced by SPD
at room temperature, followed by annealing rather than by conventional extrusion at elevated
temperatures. Detrimental formation of intermetallic phases with low conductivity was not observed.
An interface between constituents formed by their severe intermixing due to large shear, high hydrostatic
pressure and possibly diffusion during annealing.

Severe plastic deformation was performed using ECAP for one or two passes along Routes A
and BC. Extreme grain refinement down to the nano-range size as a result of SPD processing was
shown. The UFG microstructure remained stable during annealing. It is demonstrated that to achieve
an interface without defects, ECAP must be performed on copper-clad aluminium rods with thickness
of copper cladding at least 0.7 mm or higher.

The effective conductivity of aluminium copper-clad conductors dropped after deformation in
proportion to the number of ECAP passes (more when using Route BC than A). Annealing, especially
short annealing at 200 ◦C; however, resulted not only in recovery of conductivity but in conductivity
values exceeding the theoretically predicted ideal ones.

In addition, annealing resulted in an increase of hardness at the interface and in the copper sheath,
which confirms the possibility of hardening UFG metals by annealing at temperatures in the range of
0.25 to 0.3 Tm. Thus, SPD and short annealing at the temperature within this range could be used to
produce lightweight conductors with high conductivity and strength.
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Abstract: Bulk metallic samples were synthesized from different binary powder mixtures consisting
of elemental Cu, Co, and Fe using severe plastic deformation. Small particles of the ferromagnetic
phase originate in the conductive Cu phase, either by incomplete dissolution or by segregation
phenomena during the deformation process. These small particles are known to give rise to granular
giant magneto-resistance. Taking advantage of the simple production process, it is possible to perform
a systematic study on the influence of processing parameters and material compositions on the
magneto-resistance. Furthermore, it is feasible to tune the magneto-resistive behavior as a function of
the specimens’ chemical composition. It was found that specimens of low ferromagnetic content show
an almost isotropic drop in resistance in a magnetic field. With increasing ferromagnetic content,
percolating ferromagnetic phases cause an anisotropy of the magneto-resistance. By changing the
parameters of the high pressure torsion process, i.e., sample size, deformation temperature, and strain
rate, it is possible to tailor the magnitude of giant magneto-resistance. A decrease in room temperature
resistivity of ~3.5% was found for a bulk specimen containing an approximately equiatomic fraction
of Co and Cu.

Keywords: severe plastic deformation; high pressure torsion; microstructural characterization;
magnetic properties; hysteresis; magneto-resistance

1. Introduction

The giant magneto-resistance (GMR), independently discovered by the two groups of Fert and
Grünberg [1,2] at the end of the 1980s, was first observed for stacks of very thin multilayers of
alternating ferromagnetic/antiferromagnetic Fe and Cr. These layers couple magnetically, resulting in a
giant decrease of resistivity with an increasingly applied magnetic field. Some years after the discovery
of GMR, it was found that this phenomenon is not only restricted to layered systems but can also be
found for materials containing dispersed ferromagnetic particles (granules) [3,4]; thus it was labeled as
granular GMR.

If grains are not subjected to an external magnetic field, a random orientation of magnetic
moments or domains prevails. With an increasing magnetic field, the magnetic domains gradually
align by rotating the magnetization, and become aligned parallel to the magnetic field. This results
in an overall decrease of resistance. It was shown that the increase in resistance for randomly
oriented magnetic particles originates from spin-dependent scattering of conduction electrons at the
magnetic-nonmagnetic interfaces [5,6]. Rabedeau et al. [5] found this fact by using small angle X-ray
scattering measurements on thin films, making the particle sizes accessible. If the GMR originates
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from scattering within the ferromagnetic particles, the GMR would weakly depend on the particle size
(providing that all the ferromagnetic atoms can be found in the particles). However, as GMR scaled
with the inverse of the cluster size (interfaces per volume, r2/r3) instead, an interfacial spin-dependent
scattering was proposed.

Upon applying a magnetic field, the gradual change in the magnetization direction of single
domain particles leads to a gradual change of the resistivity and this property can be directly linked
to the hysteresis loop of the material. One method to characterize the relationship between the
specimens’ resistance and the magnetic field is the squared global relative magnetization μ (H) =
(M (H)/MS)2 [4], which is the ratio of the magnetization M (H) at a certain applied field H and the
saturation magnetization MS. The GMR-effect is described in the following way:

GMR =
ΔR
R

=
R(H) −R(H = 0)

R(H = 0)
= A μ(H)2, (1)

where A determines the effect amplitude and is different for each experimental setup. In some cases,
the GMR of Equation (1) is expressed by R (H) in the denominator instead of R (H = 0), or R (H = 0)
is replaced by R (H = HC). It is stated [4] that the change in resistance, which is a measure for the
GMR-effect, is proportional to A* (M (H)/Ms)2; thus, the strength of the GMR-effect can be quantified
by the proportionality factor A. For a magnetron sputtered thin film specimen consisting of 84 at%
Cu and 16 at% of Co (Cu84Co16) and a temperature of 5 K, this proportionality factor A was found
to be −0.065 [4]. To allow comparison, all compositions in this work will be given in at%, except
stated otherwise.

Research on granular GMR first started with thin films. They were produced using a variety
of different techniques, such as magnetron sputtering [3,4,7–11], molecular beam epitaxy [5], ion
beam co-sputtering [12], cluster beam deposition [13], thermal evaporation [14], or by electrochemical
deposition [15–17]. Later, research was extended to bulk materials and mixed granular materials
were produced using different techniques such as mechanical alloying/ball milling [18–22] or melt
spinning [9,23–25]. Research focused on a small number of binary, sometimes ternary systems
such as CuCo [3–5,9,14,16,17,19,21,23,25,26], AgCo [4,6,7,9,11,12,18], CuFe [13,19], CoFe-Cu [10,20,22],
CrFe [8], and AuCo [9,24]. A common feature of these systems is the small mutual solubility of
ferromagnetic and non-magnetic elements, as well as the nonmagnetic phase representing the major
phase. Reduced solubility promotes the production of small, finely dispersed ferromagnetic particles
within a nonmagnetic metal matrix; either directly during production or after adequate annealing
treatments. With increasing ferromagnetic content, a transition towards anisotropic magneto-resistance
(AMR) is found [10]. Thomson discovered this anisotropy of ferromagnetic materials in magnetic
fields [27], where the resistance for currents parallel and perpendicular to the magnetic field is
different. For parallel alignment, the magneto-resistance increases with an increasing field and for the
perpendicular alignment, the magneto-resistance decreases. The effect of AMR is typically in the size
of the GMR or about one magnitude smaller and with a change of the sign of A (A > 0), depending on
the investigated material.

The restricted mutual solubility is known for Cu and Co. and the granular GMR was discovered
on magnetron sputtered CuCo [3,4]. They found a strong dependence of the resistance with the applied
magnetic field, and the resistivity being highest in the initial non-magnetized state decreases with
increasing applied field. The resistivity increases again upon decreasing the field and reaches a local
maximum at the coercive field. However, resistivity is slightly lower than in the initial, non-magnetized
state. To give a first idea on the amount of GMR present, some results of original works [3,4] are
presented: Berkowitz et al. [3] investigated Cu containing 12, 19, and 28 at% Co and found for Cu81Co19

(as an example) a GMR of 10% at 10 K at the highest applied magnetic fields of 20 kOe. Negligible
GMR was found at room temperature. Xiao et al. [4] found a GMR of 16.5% at 5 K for magnetron
sputtered Cu80Co20, annealed for 10 min at 500 ◦C. A review on GMR, including granular GMR, is
provided in reference [28].
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The goal of this work was to produce bulk materials of different amounts of ferromagnetic and
diamagnetic components. This enables the investigation of the influence of composition and processing
parameters on the evolving microstructure, on the development of small, ferromagnetic particles
and thus on the GMR. The chosen method is high pressure torsion (HPT) [29], a special method of
severe plastic deformation (SPD), as it provides the opportunity to easily produce bulk samples from
elemental powder mixtures [30]. The principle idea of HPT is based on the work of Bridgman [31],
where material is confined under high hydrostatic pressure between two anvils. One anvil is rotated
against the other and the material is severely deformed by shear deformation and the microstructure
gets refined. This refinement saturates at a certain grain size—mostly depending on the amount of
alloying elements, impurities, and deformation temperature [32].

Regarding the investigation of different magnetic properties of materials deformed by HPT,
numerous studies focusing on the magnetic properties of HPT-processed materials are available [33–42].
Other techniques to apply severe deformation onto materials include ball milling, mechanical alloying,
and equal channel angular pressing (ECAP), with some studies focusing on the magnetic properties
of these alternative processing routes [18–21,26,43,44]. However, to the best knowledge of the
authors, there are only two studies on HPT-deformed materials, which also contain information on
magneto-resistive properties [34,37]. In references [34,37], the authors used arc-melted Cu-10 wt % Co
for HPT deformation. The magneto-resistive drop was ~0.25% at room temperature and ~ 2.5% at
77 K, with both measured in fields of 6 kOe.

In summary, a detailed GMR—Study of the influences of HPT process parameters including
deformation temperature and composition on GMR is lacking, which is the motivation for and aim of
the presented work. Within this study, the Cu-Co-system was thoroughly investigated to understand
the dependency of composition on the GMR, and to demonstrate the applicability of HPT throughout
the whole compositional range.

2. Materials and Methods

Commercially available pure elemental powders were used as a starting material: Fe (MaTeck,
Jülich, Germany, 99.9%, −100 + 200 mesh), Co (Goodfellow, Hamburg, Deutschland, 99.9% 50–150 μm),
high purity Co (Alfa Aesar—Puratronic, Ward Hill, MA, USA, 99.998%, −22 mesh), and Cu (Alfa Aesar,
Ward Hill, MA, USA, 99.9%, −170 + 400 mesh). The reason for using two grades of Co powder was the
following: although the diameter of the particles of the less pure powder is rather large, the grains are
small, meaning HPT deformation of high Co containing materials became difficult. For comparison,
scanning electron micrographs of both types of Co powders are presented in Figure 1. Description of
the other powders used is given in reference [40].

 
Figure 1. scanning electron microscopy (SEM) micrographs of Co particles. The main difference is the
particle shape, the purity, and the resulting grain size. (a) Purity 99.9%. (b) Purity 99.998%.
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For preventing oxidation, the powders are stored and prepared for further processing in an argon
(Ar)-filled glove box. For the first processing step (pre-compaction of mixed powders in the HPT-tool),
the powders are contained in a specially-made, Ar-filled compaction device [40]. After pre-compaction
at a pressure of 5 GPa, the samples are deformed in air, at room temperature (RT) or at elevated
temperatures, as described below (Table 1). Samples of 8 mm diameter and approximately 0.5 mm
thickness were produced. To investigate the effects of varying process conditions on microstructure
and the GMR, several samples of about 50/50 at% were made. They vary in sample size, processing
temperature, and applied strain rate. To prove the feasibility of upscaling the HPT-process, one
sample with approximately equiatomic composition was made with a different, larger HPT-tool. It is
capable of applying a force of 4 MN; thus, samples of diameters of 30 mm (pmax = 5.6 GPa) and
thicknesses of several millimeters can be deformed. The strain rate which was applied to the small
specimens was ~0.6 s−1, whereas it was approximately 0.05 s−1 for the large sample. In the latter
case, the powder mixture was simply poured in the anvil’s cavity and deformed under atmospheric
conditions. According to Equation (2)

εv.M. = 2 π n r / (t
√

3), (2)

the equivalent von-Mises-strain εv.M. applied to the material upon HPT is given by the radius r,
the number of applied rotations n, and the thickness t. For samples of 8 mm diameter, this yields an
applied strain of 2200 at a radius of 3 mm after 100 rotations, assuming a thickness of 0.5 mm. For the
large sample (diameter 30 mm), a strain of 1300 was applied at a radius of 10 mm (rotations: 250,
thickness: ~7 mm). Although the applied strain is smaller and the strain rate is considerably lower,
the large sample heats up during HPT due to plastic deformation and a lack of heat dissipation [45].
Therefore, it was deformed at elevated temperature although no external heating device was used.

Table 1. Summary of investigated samples, varying in composition (energy dispersive X-ray
-measurement) and processing parameters including HPT-tool size, processing temperature, number of
rotations, and purity of the used Co-powder (where applicable).

Composition
[at%]

HPT-Tool/Sample
Diameter [mm]

Processing
Temperature

No. of
Rotations

Purity of
Co-Powder [%]

Cu Small/8 RT >25 n.a.
Cu81Co19 Small/8 RT 100 99.9
Cu64Co36 Small/8 RT 100 99.9
Cu55Co45 Large/30 Elevated 250 99.9
Cu52Co48 Small/8 RT 100 99.9
Cu49Co51 Small/8 200 ◦C 100 99.9
Cu43Co57 Small/8 RT 100 99.9
Cu22Co78 Small/8 300 ◦C 100 99.998

Co Small/8 RT 50 99.998
Cu85Fe15 Small/8 RT 100 n.a.

To enable a thorough microstructural and magneto-resistive investigation, at least two small
HPT samples were made out of each powder mixture, but only one large sample was made since
several GMR specimens and specimens for microstructural analysis could be made from one sample.
All relevant sample and process parameters are summarized in Table 1.

For detailed investigations of the microstructure scanning electron microscopy (SEM) and
transmission electron microscopy (TEM) studies as well as synchrotron measurements were performed.
Vickers hardness was measured to ensure there was a microstructurally saturated state of the sample.
GMR-specimens were taken from this microstructurally saturated region. Hardness measurements
were made along the radius of the HPT-disc in a tangential direction (Micromet 5104, Buehler, Lake
Bluff, IL, USA). SEM micrographs using a backscattered electron detection mode (BSE) were acquired
with a LEO 1525 (Zeiss, Oberkochen, Germany) that was further equipped with an electron backscatter
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diffraction (EBSD) system (e- FlashFS, Bruker, Berlin, Germany) and an energy dispersive X-ray (EDX)
system (XFlash 6-60, Bruker, Berlin, Germany). The conventional EBSD can easily be changed to a
transmission EBSD geometry (Transmission Kikuchi Diffraction, TKD) [46,47]; thus, EBSD-TKD was
performed for a chosen TEM specimen (Cu55Co45). The TEM specimen was made using conventional
metallographic thinning methods and a final ion polishing step with grazing incidence. For analysing
the results of EBSD-TKD and EDX measurements, the software package Esprit 2.1 from Bruker
(Billerica, MA, USA) was used. The TEM/TKD—Specimen was taken at a radius of ~10 mm from the
large HPT-disc, where the incident electron beam was parallel to the axial HPT-direction. Using an
acceleration voltage of 30 kV and a step size of 5 nm to 9 nm (four scans in total), the orientation data
was recorded. After scanning, a clean-up of the data was performed, where certain zero solutions are
absorbed by the surrounding well-defined matrix. Grain boundaries were defined by having more
than 15◦ misorientation between the two grains, and grains below the size of five pixels were rejected.

Using the same specimen, TEM micrographs were made with a JEOL-TEM (JEM2200FS, Tokyo,
Japan). For phase analysis, transmissive synchrotron X-ray diffraction measurements were made
at PETRA III, P07 at DESY, Hamburg, Germany (Deutsches Elektronen Synchrotron). A beam
energy of 98.25 keV was used and recorded spectra were analyzed with the software PyFAI and
compared with CeO2–standards. Magnetic properties were measured with a superconducting quantum
interference device (SQUID, Quantum Design MPMS-XL-7, Darmstadt, Germany). For small HPT-discs,
the specimens for SEM and synchrotron investigations were taken out in accordance with reference [40].
For the sample made with the large HPT-tool, the TEM study was performed in an axial view.
For SQUID measurements, the applied field was parallel to the axial HPT-direction.

For GMR-measurements, long and thin specimens were cut out of the HPT-disc along a secant line.
According to Equation (2), the center of the HPT-disc does not receive a lot of deformation; thus, it was
avoided for resistivity measurements. The closest distance of the GMR-specimen to the former center
of the HPT-disc was at least 1.5 to 2 mm. The length of the GMR-specimens was several millimeters;
their thickness was reduced by grinding and polishing to approximately 200 μm in order to increase the
voltage drop. We sought to make sure that the impact of heat during specimen preparation was kept as
low as reasonably possible; no microstructural changes are expected to occur upon sample preparation.
In literature, it was found that for measurements on thin films, the applied current and magnetic
field are often within the film plane [48]. Following this, the radial-tangential-plane was identified
as the “film plane” for small HPT-samples. In this case, the applied current has components in the
radial and shear direction. For the large HPT-sample, the current was applied in an axial direction.
The specimen was placed in a four-point resistance setup, which again is placed within the air gap
of an electromagnet (Type B-E 30, Bruker, Karlsruhe, Germany). The air gap was fixed with 50 mm
and the diameter of the conical pole pieces was 176 mm (max. field = 22.5 kOe) providing enough
space within the homogeneous magnetic field for the four-point resistance setup. The voltage was
measured using a multimeter (model 2000, Keithley, Cleveland, OH, USA), the current source was
a sourcemeter (model 2400, Keithley, Cleveland, OH, USA), and the applied current was 500 mA to
800 mA. The strength and stability of the magnetic field was measured using a Gaussmeter (Model 475
DSP, Lakeshore, Westerville, OH, USA). The electromagnet’s power supply, the current source, and the
voltage and field measurements were connected for communication and data collection.

3. Results

3.1. Microstructural Characterization

A typical feature of HPT-deformed materials is an increasing hardness and decreasing
microstructural size with an increasing distance from the sample’s center. As soon as a microstructural
saturation is reached, the hardness does not increase further [32]. For a valid comparison of samples
of varying Co-content (Figure 2), Vickers hardness values were taken from the saturation region of
constant hardness. Measurements within these regions show a clear trend of increasing hardness with
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increasing Co-content. Figure 2 was drawn using samples from this work and data from samples
presented in reference [40]. The trend breaks down for pure Co of highest purity, whose hardness
was found to be 368 HV. In the latter case, neither impurities (as would be the case for the less pure
Co-powder) nor another element obstruct grain boundary motion; the grains are larger and the material
becomes softer.

Figure 2. Hardness HV as a function of Cu-Co-content, showing a linear trend for room temperature
deformed samples. The highlighted measurements were made on samples Cu55Co45 (large HPT,
elevated temperature) and Cu49Co51 (small HPT, 200 ◦C) Hardness values from samples presented in
reference [40] are included. The linear fit between 10 wt % and 70 wt % Co, representing a simple rule
of mixture, is a guide for the eye.

SE micrographs already give a first indication of the enhanced, mutual solubility of Cu- and
Co-phases upon HPT. Figure 3 shows micrographs taken in tangential direction from the saturation
region for binary CuCo composites. They were made at a radius of 3 mm (εv.M. ~ 2200) with the
exception of r = 10 mm (εv.M. ~ 1300) for the large sample (Figure 3c).

At room temperature and for 200 ◦C deformed samples, the microstructure appears to be
homogeneous on a scale of ~1 μm, while the microstructure for the samples deformed at elevated
temperature (Figure 3c) and 300 ◦C (Figure 3f) appears to be granular. EDX measurements of the sample
presented in Figure 3c) using low energy electrons (5 kV, smaller excitation volume) show changes
in the chemical composition at the same length scale (Figure 4). The small sample Cu49Co51 (200 ◦C
deformation temperature) does not show this segregation of Co. Therefore, the microstructure of the
large sample resembles more like the one of the Co-rich Cu22Co78, which experienced a deformation
temperature of 300 ◦C.
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Figure 3. SEM micrographs of HPT-deformed samples, taken at r = 3 mm (with the exception of (c)) in
tangential direction. (a) Cu81Co19; (b) Cu64Co36; (c) Cu55Co45 (r = 10 mm, large HPT-tool, deformed
at elevated temperature); (d) Cu52Co48; (e) Cu49Co51 deformed at 200 ◦C; (f) Cu22Co78 deformed at
300 ◦C.

For the determination of the actual chemical composition and elemental distribution of the
deformed samples and to detect possible deviations from the nominal composition of the powder
mixture, several EDX spectra were recorded at large radii, and their mean values are presented for
the chemical composition in Table 1. To demonstrate the good co-deformation and the increasing
intermixing with high applied strains, 60 EDX spectra were recorded right at the center and at radii of 1,
2, and 3 mm. As an example, the sample Cu85Fe15 was used. In Figure 5a, it can be seen that still some
Fe-particles (dark particles) can be found for small radii (r = 0 mm, r = 1 mm) and the distribution
of results of EDX-analysis (Figure 5d) is widespread (blue lines), due to the existence of Cu-rich
and Fe-rich regions. For r = 2 mm and r = 3 mm, the distribution become narrower, demonstrating
improved intermixing of Cu and Fe on the scale of the EDX-analyzed volume. This is also confirmed
by micrographs in Figure 5b,c.
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Figure 4. SEM micrograph of the large HPT sample Cu55Co45, taken at r = 10 mm, with EDX maps of
the same region showing the distribution of Cu (center, blue) and Co (right, green).

Figure 5. SEM micrographs of the sample containing Cu85Fe15 at (a) r ~ 0 mm, (b) r= 1 mm, (c) r = 2 mm,
from left to right (No. rotations = 100). The progressing dissolution of Fe into the Cu matrix can be seen.
(d) Distribution of EDX-results for the same sample and for different radii. 60 spectra were recorded at
each position. As a guide for the eye, a normal distribution was fitted to the data.
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As typical examples taken from different ranges of the CuCo system, the following three specimens
were subjected to synchrotron diffraction phase analysis: Cu81Co19, Cu55Co45, Cu22Co78. The results,
logarithmic intensity as a function of scattering vector q are presented in Figure 6 for different radii.
To compare with, the peaks of fcc-Cu (lattice constant d = 3.615 Å [49]), fcc-Co (d = 3.554 Å [50]) and of
hcp-Co, data from reference [51], are included. For the low Co-containing material, small peaks of
hcp-Co can be found for r = 1 mm; however, these peaks vanish for larger radii. The Cu-peak slightly
deviates from the position of pure Cu, due to supersaturating the crystal with Co. This effect is stronger
for the higher-Co containing material (Figure 6b); however, traces of hcp-Co can be found for all radii.
No hcp-Co can be found in the large sample Cu55Co45 (Figure 6c,d). The plateau-like shape of the
peaks – especially at high q – is explained most likely due to the occurrence of two fcc-phases for Co
and Cu.

Figure 6. Synchrotron data for three CuCo specimens (a) Cu81Co19 deformed at room temperature,
(b) Cu22Co78 deformed at 300 ◦C, (c) Cu55Co45 deformed at elevated temperature and lower applied
strain rate. Note the larger radius of the specimen, (d) like (c) but showing a different regime of
scattering vector q.

Further microstructural investigation, using TKD, was made for Cu55Co45 to obtained deeper
insights into the as-deformed microstructure. As an example for TKD results, Figure 7a is shown.
Although the hcp-Co phase was searched for, there are no clear indications of hcp-Co grains of
detectable size. Distinction between grains rich in fcc-Co and rich in fcc-Cu cannot be made since the
difference in lattice parameter is too small. Identified grains are in the 100 nm regime and a texture
analysis, which is not shown here, yielded the shear texture typical of fcc metals [52]. In total, four
scans were made, and their aggregated area weighted grain size distribution f (d) was fitted by a
lognormal distribution.

f (d) =
1√

2πσd
e−

(ln (d)−μ)2
2σ2 (3)

With the mean μ and the standard deviation σ, the median value of the grain size eμ is found to
be 79 nm. Stückler et al. [40] found similar results for other CuCo materials, which were processed
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the same way: A decreasing grain size of 100 nm, 78 nm, and 77 nm for increasing Co-content of
Cu-Co28 wt %, Cu-Co49 wt %, and Cu-Co67 wt %, respectively.

(a) (b) 

Figure 7. (a) Inverse pole figure map of Cu55Co45, taken at a radius of ~10 mm in an axial direction.
As an overlay in the lower left part, the Cu-phase map (fcc–phase map, respectively) of the identical
area is shown. After the clean-up, all identified grains are found to be fcc. No hcp-particles can be
detected. (b) Aggregated grain size distribution from four TKD scans. In total, 1648 grains were taken
into account.

Regarding spatial resolution, TKD-EBSD is better than conventional EBSD in many cases.
Ge et al. [17] made a related analysis on Co-particle sizes in electrodeposited Cu84Co16, using TEM,
before and after annealing for 30 min at 695 K and found mean values of 10 nm and 12 nm respectively,
being even below the resolution limit of TKD. Thus, a high angle annular dark field (HAADF) image
was recorded in scanning TEM, Figure 8. HAADF is sensitive to the atomic number, while Co-enriched
(dark) and Cu-enriched (bright) regions can be identified within the matrix.

 

Figure 8. High angle annular dark field (HAADF) image of Cu55Co45, using the same specimen,
which was used for deriving the results shown in Figure 7. The Co-particles (dark regions) with a size
of several tens of nanometers become visible.
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3.2. Magnetic Properties—Magneto-Resistivity

To investigate the change in magneto-resistive behavior for all produced samples, four-point
resistance measurements were performed at room temperature in magnetic fields up to 22.5 kOe.
The results of the drop in resistance with applied magnetic field, displayed according to Equation
(1), are summarized in Figures 9 and 10. Two different testing directions were taken into account.
First, applied current and applied magnetic field are parallel; second, current and magnetic field are
perpendicular to each other. Probe current flows within the shear-tangential HPT-plane, except for
Cu55Co45. Depending on the composition and processing parameters, different types of resistive
behavior within magnetic fields can be identified.

Figure 9. Drop in room-temperature resistance as a function of magnetic fields for Co-based
HPT-deformed samples. (a) Cu81Co19. (b) Cu64Co36. (c) black: Cu52Co48 deformed at room
temperature; red: Cu49Co51 deformed at 200◦C; blue: Cu55Co45 deformed at elevated temperature
with the large HPT-tool. (d) Cu43Co57. (e) Cu22Co78, deformed at 300 ◦C. (f) Pure Co. The continuous
lines (parallel alignment) and dashed lines (perpendicular alignment) are derived from polynomial fits
and serve only as a guide for the eye.

189



Metals 2019, 9, 1188

Figure 10. Drop in room-temperature resistance as a function of applied magnetic fields for
HPT-deformed Cu85Fe15. The continuous line (parallel alignment) and dashed line (perpendicular
alignment) are derived from polynomial fits and serve only as a guide for the eye.

For small Co-content, an almost isotropic dependence of resistance with magnetic field can be
found (Figure 9a,b). With increasing ferromagnetic content, there is a gradual development of an
anisotropic component, which is due to larger, percolating ferromagnetic regions. Thus, for medium
and high ferromagnetic content, the resistance curve can be seen as a superposition of GMR and AMR.
Pure Co (Figure 9f) is the best example for AMR with the resistance being higher for parallel current
and magnetic field. For pure Co, the difference in resistivity between parallel and perpendicular
orientation increases quickly for small fields; for higher fields, the curves are about parallel.

In case for replacing Co with Fe, the effect for low ferromagnetic content is identical for Fe and
Co (Figure 10). The decrease in resistance with applied field is immediate at low fields. However,
the effect is much smaller for Fe by around a factor of ten for fields as high as 22.5 kOe. A detailed
discussion of the results of Figures 9 and 10 is provided in Section 4.2.

Figure 11. Hysteresis loop (specific magnetic moment versus applied field) of Cu55Co45, measured at
300 K, with the inset showing a detailed view for lower applied fields. For comparison, the magnetic
moment of fcc-Co (164.8 emu/g [53]), is indicated as a dashed line.
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The large sample deformed at elevated temperature (Cu55Co45) shows the largest reduction in
resistance (~3.5% in perpendicular orientation) including a saturation of the decrease in resistance
for high fields. For smaller Co content, an even larger GMR effect is expected—e.g., according to
reference [17], the largest effect can be expected for a Co-concentration of 16%. Thin films, which
were electrodeposited and annealed, were used for this work. However, as HPT-samples of these
compositions saturate at very high fields due to paramagnetic contributions [40], the applied magnetic
field is not large enough to saturate them. A sample that shows a satisfactory GMR as well as saturation
in GMR at lower fields is Cu55Co45. It was chosen to be thoroughly investigated using SQUID. Figure 11
shows the result of hysteresis measurements at 300 K. The hysteresis was measured with the specimen’s
axial direction being parallel to the applied field. The coercivity was determined by linear interpolating
between fields of +/− 1000 Oe and was found to be 316 Oe. For high applied fields, the saturation
magnetization of bulk fcc-Co (164.8 emu/g [53]) is almost reached.

4. Discussion

4.1. Influence of Processing Conditions on Microstructural Evolution

Severe plastic deformation, especially at low temperatures, will promote the formation of
supersaturated solid solutions. Diffusion, also taking place during the deformation process, will lead
to segregation and phase formation, and as a result the resulting microstructure and elemental
distribution depends on the strength of the one or the other process. As already displayed in Figure 2,
the microstructure of the large sample made of Cu55Co45, resembles the one of high Co-content,
deformed at high temperatures. For equiatomic composition however, there is quite a difference
regarding Co agglomeration when comparing the sample processed with the large HPT and small
HPT-samples. The following two paragraphs will discuss the influence of sample heating and strain
rate on the evolving microstructure:

When deforming a sample with a large HPT tool, more volume is deformed and more strain
energy (

∫
τ γ dV) is transferred to heat during the whole experiment. Applied shear γ is proportional

to r and integrating the infinitesimal volume V = 2π r h dr yields a r3-dependency of strain energy.
Using typical values: the hardness value (~350 HV) gives an approximate shear strength of 500 MPa
and 150 s per rotation result in a power of ~150 W for large HPT-samples, whereas one rotation taking
45 s for the small HPT-equipment results in a heating power of approximately 10 W. The increased
energy released upon deforming a sample with larger HPT-equipment is counterbalanced by the
decreased strain rate and by the increased diameter of the sample and the anvils, representing the
samples “cooling finger”. The latter point loses importance for long-lasting experiments (~10 h in
total for the Cu55Co45 sample) as the anvils heat up and their cooling capability decreases. As a result,
a large sample, which is nominally deformed at room temperature, heats up more easily, leading to
accelerated diffusion and segregation processes.

The second important point that has to be taken into account regarding microstructural evolution
is the lower applied strain rate for the large HPT-tool. The strain rate is proportional to angular velocity
divided by thickness times the radius and for the conditions described above, smaller samples were
subjected to an approximately 12 times higher strain rate compared to the large sample. During HPT,
the tendency of Cu and Co to segregate by diffusional processes is counter-acted by severe shear
deformation. For the large HPT-sample segregation processes are more pronounced and as a result the
microstructure evolves, as can be seen in Figure 12. The microstructure is shown in tangential view
for radii r = 5 mm, 10 mm, 15 mm and a clear increase in the size of dark regions is visible. Thus,
segregation is promoted for large radii and an increased local temperature could therefore be deduced
for regions of higher strain rate. Edalati et al. determined a temperature difference of several degrees
between the center and the rim of the HPT-disc. This was done by FEM simulations for a sample of
10 mm diameter [45].
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Figure 12. SEM—backscattered electron detection mode (BSE) micrograph of Cu55Co45, deformed
with the large HPT tool at elevated temperatures. Micrographs were taken in tangential direction and
for increasing radius (r = 5 mm, 10 mm, 15 mm) from left to right.

Regarding the results from synchrotron X-ray diffraction measurements (Figure 6), the low
Co-containing sample (Cu81Co19) shows pure fcc phases for large radii. Diffraction lines from hcp-Co,
still visible e.g., at a radius of 1 mm, vanish for higher applied strains. For high Co-contents (Cu22Co78),
where deformation was possible to be performed at 300 ◦C, there are still hcp-Co particles remaining for
large radii, as can be seen e.g., by a shoulder in the diffraction peak at q ~29 nm−1

. Nevertheless, a solid
solution of the two elements can be seen for both samples. The lines are not at their nominal position
for pure elements, but slightly shifted to the right (from Cu towards fcc-Co, for low-Co concentration)
or to the left (from Co towards Cu, for high Co concentration). The situation is different for the
Cu55Co45 sample. Here, the diffractogram is dominated by very broad peaks—especially for higher
q-values, which can be easily explained by overlapping peaks at (or close to) the original position of
Cu and fcc-Co.

4.2. Dependence of Magneto-Resistive Properties on Processing and Composition

The result of coercive field measurement from SQUID magnetometry shows a slightly increased
coercivity for CuCo of about equiatomic composition, when compared to reference [40]. Therein,
the powder compacted and room temperature HPT-deformed samples were measured with SQUID at
300 K and for the variety of compositions between Cu-28 wt % Co and Cu-67 wt % Co, coercive fields of
~70 Oe ranging down to ~0 Oe, below the resolution limit of SQUID magnetometry, were determined.

As described earlier, there is a variety of methods to produce thin film or bulk materials, showing
a GMR. Depending on the production route, yielding different microstructures and particle size
distribution—GMR is thus not only depending on the material’s composition. In case the material
is fully supersatured (e.g., a minor ferromagnetic element is fully dissolved in the matrix) and no
ferromagnetic particles can be found, GMR is inexistent. For precipitating ferromagnetic particles,
GMR will start to rise up to a maximum value. For further growing ferromagnetic particles, GMR will
decrease as the particle size are too large to form single magnetic domain particles and the particle
number becomes too small to be efficient scattering sites. The dependence of the strength of GMR on
the size distribution is described in reference [54].

Depending on the production route, the material might not be in the state yielding the highest
GMR-effect right after processing. Very often, proper thermal treatments lead to an increase of the
effect. After the production of bulk materials showing granular GMR, Ikeda et al. [20] found the
maximum GMR ratio (6.4%, room temperature) for ball milled Cu80Co20 annealed at 450 ◦C for 1 h in
vacuum. Nagamine et al. [22] report 4% (room temperature) for ball milled (Co0.7Fe0.3)20Cu80, which
was annealed for 15 min at 500 ◦C. For the as-milled powder they found a negligible effect (<0.2%),
due to the almost perfect supersaturation of Fe and Co in Cu. Champion et al. [21] found a value of
~4% at 4.2 K for Cu60Co40 and Cu50Co50 (both in vol%) for ball milled materials. For an as-deposited,
magnetron sputtered CuCo thin film, a negligible GMR at room temperature, most likely as a result of
an almost perfect supersaturated state was found [3]. Comparing with our results, it is evident that the
incomplete supersaturation of Cu with Co improves the GMR effect at room temperature – considering
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as-prepared samples. With a short annealing of the Cu81Co19 thin film [3] (10 min at 484 ◦C) the GMR
substantially increased. Upon annealing, an increase in GMR from negligibility at room temperature
to ~22% at 10 K was found.

For a granular system, the GMR might also get as large as ~50% as reported for multilayer FeCr
systems at 4.2 K [1]: For another type of binary alloys, Ag80Co20 thin films, Xiong et al. [7] report
on values as large as 84% (They normalize the change in resistivity to the resistance at high fields,
which is different to Equation (1).) at 4.2 K for sputtered and subsequently annealed (330 ◦C for
10 min) specimens. Values for GMR of granular systems presented in studies on CuCo-systems are
in close agreement with the values reported here. Improved thermo-mechanical treatment during
HPT-processing or subsequent annealing of the as-deformed sample should lead to a closure of this
small gap. Here, only HPT-processed states have been investigated and will be discussed.

In the following, the different behaviors of magneto-resistive curves shall be discussed with
respect to the Co-content of the samples. Coming back to Figure 9: Starting with low ferromagnetic
contents (Cu81Co19, Cu64Co36, Cu85Fe15) the dependence of the resistance with applied magnetic field
is almost linear and isotropic. The effect is high for Cu81Co19 with an GMR of close to 2% for the
highest applied field. No saturation in resistance drop could have been achieved even for the highest
magnetic fields of 22.5 kOe. Replacing Co by Fe leads to a decrease in GMR. Through the use of SQUID
magnetometry, it was shown in reference [40] that low-Fe containing CuFe composites, processed the
same way as described in this work, do not saturate in magnetization even in very high fields of 70 kOe.
The CuFe samples with a low Fe-content show a very pronounced paramagnetic behavior. This is
explainable by a better dilution of Fe in Cu. Using GMR data from Figures 9 and 10 and comparing
the GMR curves for Cu85Fe15 and Cu81Co19, which are almost identical in ferromagnetic composition,
the same conclusion of an increased dilution of Fe in Cu compared to Co in Cu can be drawn.

For increasing Co content, approaching about equiatomic composition, the GMR curves for
perpendicular and parallel current alignment start to differ from each other, with the curve for
parallel alignment being higher. One reason could be a non-perfect globular shape of the particles.
Scattering occurs at the nonmagnetic—Ferromagnetic interfaces; thus, a change in the cross-sectional
area for different current flow directions could lead to a change in scattering behavior for cigar- or
pancake-shaped particles. However, the specimen for probing the GMR for the large Cu55Co45 sample
was not taken out the same way as for the smaller HPT-samples. At the same time, the current flow
was in the tangential-radial plane (along a secant) for all small specimens, the current flow was in axial
direction for the Cu55Co45 specimen. The same qualitative behavior of GMR in differently orientated
specimens seems to rule out the particle shape anisotropy as an explanation for the non-perfect isotropic
GMR. Another explanation for this might be the existence of large Co-particle or large percolating
domains of a Co-rich phase, as these are likely to contain multiple domains. As stated in reference [10],
multi-domain particles do not contribute to the GMR and as a result, a superposition of GMR and
AMR occurs.

For the equiatomic composition, it was shown that deforming the sample at 200 ◦C leads to
increased GMR compared to room temperature processing. The drop in resistivity is even higher for
slightly increased process temperature and strongly reduced strain rate. Using the large HPT-tool
provides temperature and time and a lower strain rate, for small Co particles to develop. According
to Equation (1), an increase in GMR may as well originate from a decreased overall resistivity of the
specimen—as can be expected from subsequent annealing processes but also from higher processing
temperatures. The measured resistances of the specimen bear a large source for errors as the geometry
is of high importance and the production of perfectly prismatic specimens is difficult. Thus, just
rough values but more importantly the sequence of measured resistivities shall be given: The room
temperature deformed Cu52Co48 has the highest specific resistivity (~0.52 Ω mm2 m−1), followed by
Cu55Co45 (~0.18 Ω mm2 m−1) and finally Cu49Co51 (~0.13 Ω mm2 m−1). The specific resistivities were
calculated, taking into account the individual specimen sizes of ~ 5 mm × 1 mm × 0.2 mm. It can be
stated that the higher GMR effect for Cu55Co45 is not due to the same amount of GMR sitting atop
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of a smaller quantity (residual resistivity) but is truly due to a change in GMR (i.e., Co-segregation
behavior), which is a consequence of changing process parameters.

SQUID measurements (Figure 11) show that the magnetization is almost fully saturated in fields of
about 20 kOe and thus the approach of drawing the change in resistivity versus relative magnetization
according to reference [4] can be followed. A quadratic fit of relative resistivity drop as a function of
M/Ms (Figure 13) yields a proportional constant A of −0.031. This value is lower than the one stated in
reference [4], who used magnetron sputtered Cu84Co16, resulting in a value of −0.065 at a temperature
of 5 K. The shape of the two MR-curves for this composition (Figure 9c) can be explained by a parallel
connection of varistor-like components as shown in Figure 13b). On the one hand, there is conduction
in the Cu phase, where small Co particles can be found. On the other hand, there is conduction in
the partially percolating Co-phase, which gives rise to an anisotropic behavior. Both pathways have
individual dependencies on the direction of applied magnetic field. The strength of both resistive
branches determines the sign and magnitude of the proportional constant A.

With further increasing Co content, the fraction of AMR becomes more pronounced but still a
markedly high drop in parallel alignment can be seen. For pure Co, the difference between both types
of about 1% matches the value given by McGuire and Potter [55] of 1.9%. The difference might be
explained by the overall higher resistivity of HPT-deformed, nanocrystalline Co, reducing the relative
fraction of the AMR regarding total resistivity.

For pure Cu, no change in resistivity with applied magnetic field has been found within the
accuracy of the used measurement setup.

The number of parameters influencing the microstructure and – as a consequence – the
magneto-resistive properties is very large. Although this study is very detailed, it is not complete and
leaves plenty of ideas for further investigations. In future, further interesting tasks shall be tackled:
(i) Larger GMR effects will be investigated by measuring the most promising samples at cryogenic
temperatures. (ii) The influence of subsequent thermal treatments of the as-HPT-deformed materials
on the microstructure as well as on magneto-resistivity will be investigated.

 
Figure 13. (a) Quadratic fit of room temperature GMR data for Cu55Co45 in accordance with reference [4].
(b) Schematic representation of electron conduction channels in case of Cu55Co45, consisting of Cu,
containing Co-particles on the one side and Co enriched, percolating areas on the other side.

5. Conclusions

The influence of the SPD conditions such as deformation temperature and strain rate on the
microstructural evolution and the magneto-resistive response of different combinations of ferromagnetic
and diamagnetic elements has been investigated and the following conclusions can be drawn:

It has been shown that not only the processing temperature but also the strain rate is a very
important parameter regarding the deformation behavior and microstructural evolution of composite
materials. The strain rate influences, in combination with the applied (or naturally evolving)
temperature, the diffusion, segregation, and dissolution mechanisms taking place during severe
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plastic deformation. As a result, SPD by HPT is a versatile tool for achieving different microstructural
states and particle sizes, respectively, when the process parameters are chosen wisely.

Depending on the ferromagnetic content of the HPT-deformed materials, different behaviors
regarding magneto-resistivity at room temperature develop. When there is a small ferromagnetic
content, isotropic magneto-resistive behavior (GMR) can be found. The highest drop in resistivity that
could be measured within the available magnetic field was found for an approximately equiatomic
composition of Cu and Co. This sample was deformed at elevated temperatures and—in respect
to typical HPT-deformation processes—at a small strain rate. For medium and high Co-content,
the characteristics of magneto-resistance show the occurrence of both GMR and AMR.

The investigations of GMR in connection with HPT-deformed materials are interlinked: On the
one side, it is possible to first adjust the occurrence of particles and then adjust the particle size
distribution. This can be done by first changing all of the material’s composition and then by changing
the HPT-process parameters such as deformation temperature and strain rate. On the other side,
GMR-measurements are a versatile tool to study the as-deformed (and annealed) microstructures
regarding the distribution of ferromagnetic particles, thereby gaining deeper insights on the deformation
and segregation mechanisms acting during high pressure torsion.
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Abstract: Additive manufacturing allows the manufacture of parts made of functionally graded
materials (FGM) with a chemical gradient. This research work underlines that the use of FGM
makes it possible to study mechanical, microstructural or biological characteristics while minimizing
the number of required samples. The application of severe plastic deformation (SPD) by surface
mechanical attrition treatment (SMAT) on FGM brings new insights on a major question in this
field: which is the most important parameter between roughness, chemistry and microstructure
modification on biocompatibility? Our study demonstrates that roughness has a large impact on
adhesion while microstructure refinement plays a key role during the early stage of proliferation.
After several days, chemistry is the main parameter that holds sway in the proliferation stage.
With this respect, we also show that niobium has a much better biocompatibility than molybdenum
when alloyed with titanium.

Keywords: surface mechanical attrition treatment (SMAT); ultrasonic shot peening (USP); functionally
graded materials (FGM); titanium niobium alloys; titanium molybdenum alloys; human mesenchymal
stem cells culture; cell adhesion; cell proliferation

1. Introduction

Improving the biocompatibility of titanium and titanium alloy prostheses is a major challenge
for the biomedical industry and has been the subject of much scientific interest in recent years [1,2].
Among all the techniques allowing the improvement of the cells adhesion and proliferation, severe
plastic deformation (SPD) of the material has been studied for about one decade and, since then, been
the subject of several investigations. SPD makes it possible to refine the microstructure to obtain, under
some specific conditions, a nanostructure. The first biocompatibility study on pure titanium deformed
by SPD was carried out by Kim et al. in 2007 [3]. The results have shown that the refinement of the
microstructure by equal-channel angular pressing (ECAP) leads to a better wettability and therefore a
better adhesion and proliferation of fibroblasts after two and five days. In a second study, the same
research group has shown that the cytotoxicity remained unchanged after SPD [4]. Other teams have
shown that ECAP also leads to a better proliferation of mouse fibroblasts after 72 h [5] and a better
adhesion of human mesenchymal stem cells (MSCs) [6]. Further, other investigations have shown that
ECAP can be followed by chemical etching or sanding to create surface pores that further increase the
bio-integration [7,8]. The high pressure torsion (HPT) [9] is another technique of grain refinement by
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core SPD that can improve the biocompatibility as illustrated on NiTi [10] alloys as well as on pure
titanium by modification of its protective oxide layer [11]. This modification of the oxide layer on
Ti-based materials has recently been demonstrated by other teams using other SPD techniques [12–14].
These positive results on the effect of core SPD have nonetheless been counterbalanced by some studies
which have shown no beneficial effect of SPD or equivalent results for coarse-grain and nano-grain
microstructures [15,16].

These core SPD techniques impart the plastic deformation to the overall material while, in
many cases, only the surface is an important issue in terms of bio-integration. Thus, an interesting
prospect for bio-integration is to modify the surface properties while preserving at core the mechanical
properties of the raw material. With this respect, techniques have been applied to create surface graded
microstructures by surface SPD such as, for example, sliding friction treatment (SFT) [17] as well as
surface mechanical attrition treatment (SMAT) [18]. The first one has shown promising results in terms
of biocompatibility [13] but remains very difficult to implement industrially. The SMAT technique,
also called ultrasonic shot peening (USSP), is already used in industry to increase the fatigue resistance
of prosthesis [19] and has already proven its ability to increase the biocompatibility of titanium alloys.
SMAT consists of plastically deforming the sample surface by moving shots set in motion by an
ultrasonic vibrating part called sonotrode. The main difference compared to conventional directional
peening is that, in the case of SMAT, the shots are moving within a sealed chamber giving them random
impact trajectories on the surface, enhancing the superficial structural refinement [18,20]. A complete
description of the treatment can be found in [21]. This treatment results in nanostructuring of the
material but also in an increase in the surface roughness [18,20,21] and, apparently, an increase in
surface wettability [22]. Results on pure titanium have revealed an increase in adhesion and viability
of MSCs [23]. In-vivo tests on rabbits have been done to compare SMATed and raw Ti6Al4V and the
study showed better bio-integration of the surface SPD materials within the bones after four, eight and
12 weeks [24].

The results on bio-integration by SPD nevertheless raise an important question: to greatly improve
the biocompatibility, is it better to change the roughness, the size of the microstructure or the chemistry
of the material? To answer this question, the latest advances in additive manufacturing that allow to
manufacture parts made of functionally graded material (FGM) are here tested in combination with
SMAT to ensure that all preparations have been made., Following this, the cell cultures are made under
exactly the same atmosphere and in the same environment (temperature, time).

These types of materials, born in the 1980s in Japan [25], can be classified into three distinct
groups depending on the nature of the gradients: gradient in microstructure, gradient in porosity
and gradient in composition. In the present work, gradients in composition (Ti-Nb and Ti-Mo) will
be tested. The functionally graded composition is defined by Pei et al. as “a change in composition
across the bulk volume of a material aimed to dynamically mix and vary the ratios of materials within
a three dimensional volume to produce a seamless integration of monolithic functional structures with
varied properties” [26]. FGM are already used to provide an enhanced substitute for the coating in
orthopedic implants, thus avoiding the sudden change in chemical composition and the “peeling-off”
effect of the coated [27]. Several advantages can be achieved, such as improving the fixation of implant
to bone, enhancing the stress shielding phenomena, hardening the articulating surface, and removing
interfacial stresses between the implant and bone.

Bogdanski et al. were the first to use a FGM metal (Ni-Ti) ranging from 0 to 100% to find the
composition with the best biocompatibility [28]. Unfortunately, the combination of cold isostating
pressing (CIP) + hot isostating pressure (HIP) + vacuum welding processes used at this time was both
time-consuming and costly.

Nowadays, direct energy deposition (DED) makes it possible to manufacture FGMs more rapidly
and at a lower cost with two or more materials. This additive manufacturing technique, that uses
a powder spray, has been successfully tested on FGM titanium-based alloys [29,30]. Since it can be
used to manufacture prostheses with surface properties that are different from those of the core, these
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FGMs have a strong potential for the future in the biomedical industry [31]. Among all material
couples, titanium-niobium alloys and titanium-molybdenum alloys are excellent candidates for new
prostheses generation [32,33]. In this interest, the aim of this study is thus to investigate the effect
of chemistry, roughness and SMATed microstructure on cell adhesion and proliferation. To this end,
FGMs have been made based on the Ti-Nb and Ti6Al4V-Mo constituents and then treated by SMAT.
The FGMs compositions range from 100% Ti to 100% Nb as well as 100% Ti6Al4V to 100% Mo and
were manufactured with a DED technique called CLAD® [34,35]. The FGMs were investigated in
their polished (P), SMATed (S) and SMATed + polished (S+P) conditions then human mesenchymal
stem cells were deposited and counted as function of time from three up to 21 days.

2. Experimental Procedure

2.1. Sample Preparation

The samples were manufactured at Irepa Laser using a CLAD®machine (Magic 800, BEAM
company, Strasbourg, France) under a neutral argon atmosphere using a Ti6Al4V support plate.
In this technology, the powder is injected into a laser beam and melts before falling onto the substrate.
The machine can be fed simultaneously by different powder feeders, so it becomes possible to real-time
control the chemical composition of the powder mixture. The size distribution of the powder particles
measured by laser diffraction analysis is given in Table 1. As sketched in Figure 1, the manufactured
gradient materials contain respectively 0, 25, 50, 75 and 100% of Nb or Mo and, conversely, 100, 75,
50, 25 and 0% of Ti or Ti6Al4V. The size of the parts is also given in Figure 1a. The powders and
manufacturing data (power, speed, pitch, etc.) of the samples have been detailed in the works of
Schneider et al. [34,35].

Table 1. Size distribution of the different powders in μm [34,35].

Material D10 D50 D90

Ti 54 73 100

Nb 41 56 76

Ti6Al4V 58 80 109

Mo 45 61 82

The FGM walls were cut into 1.5 mm thick slices. To take into account the effects of the surface
roughness, the samples have been divided into three categories: polished (P), SMATed (S) and SMATed
then polished (S + P). The P samples were polished using OPS (Oxide Polishing Suspension, Struers,
Champigny-sur-Marne, France) to obtain a mirror-like surface. Samples S and S + P were SMATed
for 5 min (frequency 20 kHz, amplitude 60 microns) with 2 mm spherical shots made of 100C6 steel.
The shot blasting time was deliberately chosen to be short enough to minimize any possible transfer of
chemical species coming from the shot-balls or tooling that are known to pollute the surface under
SMAT [21,36–40]. This type of pollution, which is known to develop for long term peening, has been
demonstrated to affect the corrosion properties of some parts [39,40] can indeed also have an effect on
biological tests. After SMAT, the S + P samples were polished with OP-S over 2 or 3 μm to modify the
roughness issued from the SMAT process while remaining in the area where the microstructure was
modified. This experimental procedure using FGMs coupled with surface SPD as well as polishing has
several advantages. While the comparison between the S and S + P samples makes it possible to study
the effect of the roughness created by the SMAT for a given type of refined structure, the comparison
between the P and S + P samples authorizes to analyze the effect of the microstructure modification by
SPD for a mirror-like surface. In addition, the comparison of the response along the same sample can
be used to depict the effect of the chemistry as well as the comparison between Ti-Nb and Ti6Al4V-Mo
can be used to find the most biocompatible alloying element.
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Figure 1. (a) Size and chemical composition of the samples for the Ti/Nb and Ti6Al4V/Mo couples;
(b) complete map of the Ti6Al4V-Mo FGM after reconstruction from Schneider et al. [35]; (c) example of
the interface Ti6Al4V/Ti6Al4V + 25% Mo before (c1) and after beta reconstruction (c2).

2.2. Roughness and Microscopy

The roughness measurements were carried out with a focus-variation microscopy using an
Alicona Infinite Focus apparatus. The values presented are the average of 200 lines of 400 μm long.
The microstructure of the samples was analyzed on the cross-section after OPS polishing with a Supra40
Scanning Electron Microscope (Carl Zeiss, Oberkochen, Germany).

2.3. Sterilization and Cell Culture

The samples were first placed in 12-well plates and then immersed in 1 mL of ethanol for 30 min.
The plates were then placed in a sterile hood where they were exposed to UV for 30 min. To ensure
perfect sterilization, the samples were then cleaned with bleach and then autoclaved for 4 h at 120 ◦C.

For each sample (P, S and S + P), the tests were performed three times with MSCs from three
different donors. The cells were thawed one week before seeding and all manipulations were performed
under hood using sterile equipment. The inoculated samples were placed in an incubator at 37 ◦C, 5%
CO2 and 90% humidity. After 45 min, 1 mL of α MEM (Minimum Essential Medium) was added per
well and the plates were put back into the incubator. The culture medium was changed twice a week.
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The viability of the cells was checked after 3, 7, 14 and 21 days. For this, an Alamar Blue test
(a resazurin blue colored indicator which transforms into pink resorufin thanks to the reducing power
of mitochondria) was used. The percent difference in reduction is proportional to the metabolic activity
of the cells, and, thus, to their viability. The tests were done in a dark sterile hood and the color change
was detected using a spectrometer.

2.4. Cell Adhesion and Cell Counting

Paraformaldehyde was intended to freeze the cell structures in a state as close as possible to their
living state. For each configuration and donor, the cells of three samples of each pair of material were
fixed at 3, 7, 14 and 21 days after the start of the cell culture. The samples were placed in a new 12-well
plate and then 1 mL of 4% paraformaldehyde (PAF) was added in each. The PAF acted for 10 min, then
it was removed and the samples were washed with phosphate buffered saline (PBS).

A 0.1% solution of 4’, 6-diamidino-2-phenylindole (DAPI), i.e., 1 μL of DAPI per 999 μL of PBS,
was deposited in each well. The DAPI inserted into the DNA of the nucleus cells and emitted a 455 nm
blue light when excited by 345 nm light. This allowed us to observe the cells under a fluorescence
optical microscope and to count them on each section of the chemical gradient.

3. Results and Discussion

3.1. Evolution of the Microstructure Along the Gradient

The microstructure features of the different graded materials in their as-deposited states has
been detailed previously [34,35]. The main features are just recalled in Figure 1b,c for the sake of
clarity. The evolution of the microstructure, and in particular the parent grain morphologies after
a reconstruction from the martensitic ’ variants, is illustrated in Figure 1b,c. The evolution of the
microstructure for the Ti-Nb and TA64-Mo walls shared a number of aspects and the features shown in
Figure 1b,c for TA64-Mo pertain for the other FGM sample. Because of the fast cooling rate [34,35], the
initial layers of Ti or Ti6Al4V were characterized respectively by a Widmanstätten or a martensitic α’
microstructure, issued from the high temperature parent phase nucleated from the melt (Figure 1c).
With the addition of Nb or Mo, the microstructure became beta equiaxed with a decreasing grain size
as the alloying element amount increased (Figure 1b). In the pure Niobium (Nb) or pure Molybdenum
(Mo) layers, the beta grains were columnar parallel to the z axis (deposition axis).

Figures 2 and 3 give SEM images showing details of the microstructures after the application of
the SMAT process. In Ti and Ti6Al4V as well as at the lowest amount of additions (25% of Mo), the
top surface microstructure was refined over a depth of the order of 5 to 15 μm. This is particularly
visible in Figure 3a,b where the grains are refined and equiaxed near the surface while elongated
grains are visible at the sub-surface. In addition, for the initial structure, kink bands appeared in the
subsurface over significant thicknesses (>200 μm). This type of kink band has already been observed
in highly alloyed beta titanium alloys during deformation at high speed rate [41]. The width of the
zone where these kink bands were present was thicker for the case of the Nb addition than for the Mo
one (Figures 2b and 3b). Indeed, the kink bands reached the surface for the Ti-25Nb alloy, whereas
for the Ti6Al4V-25Mo alloy, the nanostructured layer was present from the surface towards 15 μm
below the surface (Figure 3b). From 50% of alloying elements, the kink bands disappeared and the
contrast visible within the beta grains at the SMATed surface witnessed strong internal misorientations.
Figures 2c–e and 3c–e show that the thickness of this layer depends on the amount in alloying element.
A comparison of the blue and red arrows in Figures 2c–e and 3c–e indicates, however, that its thickness
is equivalent for both the Ti-Nb and Ti6Al4V-Mo alloys at a given amount of alloying element.
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Figure 2. (a–e): cross section pictures of the surface mechanical attrition treatment (SMAT)ed TiNb
sample focused on the severe plastic deformed region (the SMATed edges are always at the bottom
of the pictures); (b): in the top right corner, focus on the kink bands at 20 μm from the surface in the
Ti-25Nb; (c–e): the blue arrow represents the affected depth.
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Figure 3. (a–e): Cross section pictures of the SMATed TiMo sample focused on the severe plastic
deformed region (the SMATed edges are always at the bottom of the pictures); (b): in the top right
corner, focus on the kink bands at 20 μm from the surface in the Ti6Al4V-25Mo; (c–e): the red arrow
represents the affected depth.

3.2. Hardness and Roughness Evolutions

Figure 4 shows the evolution of the hardness and roughness before and after the different SMAT
and SMAT + polishing treatments for the Ti-Nb wall. For the polished sample, the maximum hardness
was reached for 25% of Nb (Figure 4a). According to the literature [42,43], this increase is due to
the presence of a small fraction of ω-phase, especially when the composition is around 25% Nb.
The amount of omega phase was increased by the successive remelting and tempering from the
successive layer by layer deposition generated by the DED-CLAD process. This tempering promoted
the formation of the ω-phase, which explains the increase in the microhardness, as was also observed
for TiMo alloys [44].
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Figure 4. Evolution of (a) the hardness (HV0.3) and (b) the roughness (Ra) as a function of the Nb
alloying amount for the P, S and P + S conditions of the TiNb walls.

After the SMAT modifications, it was first interesting to notice that the hardness evolutions for
the S and S + P samples are almost equal (Figure 4a). This meant that the polishing has allowed to
remove a few microns to smooth the roughness (Figure 4b) while remaining in the hyperdeformed
thickness. The range of hardness increase by shot peening depended slightly on the alloying amount.
The maximum increase was obtained due to the appearance of the kink bands in the Ti25Nb, which
made it possible to change hardness from 250 to 400 Hv (60% increase). Sadeghpour et al. [45] have
recently shown that there is a relation between the presence of omega phase and the formation of kink
bands due to the accumulation of simple dislocation and dislocation channels, which correlates with
our study. The strong internal misorientation of the 50 to 100% Nb containing samples also increased
the hardness but to a lesser extent (15 to 40% increase).

The evolutions of roughness presented in Figure 4b shows that the roughness after SMAT was
inversely related to the hardness. When the material was hard, the roughness increase remained
moderate. This is because—for a given impact energy—the balls created deeper craters when the
material was softer (Figure 4a). Because of the polishing procedure, the P and S + P samples have the
same low roughness, independently of the initial hardness. These modifications of hardness versus
roughness made it possible to dissociate the effect of the roughness from the other effects (chemistry
and SPD induced by SMAT). Indeed, several papers have suggested that the surface roughness plays a
major role in cell biology: the higher the roughness, the higher the cell adhesion [46–48].
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3.3. Cell Adhesion and Cell Proliferation

3.3.1. Comparison of the Effect of Nb and Mo on Titanium Biocompatibility

Figure 5 shows the number of cells on each gradient after three and seven days for the same donor
(other donors generating the same trends). This allowed us to rapidly compare the effects of chemistry,
roughness and hyperdeformation. Figure 5a shows that pure titanium and Ti6Al4V have the same
trends on adhesion and proliferation after three and seven days. Ti6Al4V appeared to have a slightly
more beneficial effect than pure titanium on adhesion. The number of cells on polished samples after
seven days remained almost unchanged which confirms the results obtained by Johansson et al. [49].
The S + P samples for both materials had the same behavior as the polished ones. The Ti SMATed
samples were unlike the Ti6Al4V SMATed samples which had a sharp decrease in the number of
cells after seven days. Nevertheless, whatever the material, the SMAT had a positive effect on the
adhesion because of the increase of the roughness, which is consistent with previous studies from the
literature [46–48]. Figure 5b shows that the biocompatibility of these two materials does not seem to be
affected by the presence of low amount of alloying elements (≤25%).

When the percentage of alloying element is increased (50 and 75%), the behavior of the cells was
strongly modified. Niobium was found to have an excellent biocompatibility, which greatly increased
the proliferation of the cells (Figure 5c). This effect of the chemistry was more important after seven
days if the samples were SMATed. This is because of the increase in the number of adhering cells,
which further increased subsequently after seven days, due to the cell division process in an excellent
biocompatible environment. As shown in Figure 5d, the harmfulness of molybdenum began to have a
very important effect from 75%. Even for the polished sample where the adhesion was best after three
days, the cells then died quickly avec seven days. The toxicity of this alloy was even greatly increased
by the microstructure modification induced by the SMAT. Indeed, on the samples, S and S + P, no cell
survived after seven days. These results validated the differences in biocompatibility between Nb and
Mo observed by Eisenbarth et al. [50].

In the case of pure elements, as no cells adhered or survived for all conditions of pure Mo, Figure 5e
demonstrates the toxicity of pure Mo and the better biocompatibility of Nb.

All these results mainly demonstrated that the best biocompatibility was obtained for the SMATed
TiNb alloys when the concentration in niobium was between 50 and 75%. In addition, it was clear that
SMAT has a beneficial effect only during the adhesion stage by increasing the roughness and that the
toxicity of molybdenum was increased by the microstructure modification induced by SMAT.
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Figure 5. Comparison of the effect of Nb and Mo on cells adhesion and subsequent proliferation for
different amount of alloying element. (a) 0%; (b) 25%; (c) 50%; (d) 75%; (e) 100%.

As the molybdenum has a poor biocompatibility compare to niobium, only the results on TiNb
are showed in the rest of this paper.

3.3.2. Cell Adhesion

Figure 6 shows the average cell distributions of three donors after three and seven days. Because
of the differences on the cells quality and viability between donors, the total number of healthy cells
varied and it was better to calculate, for each gradient, the distribution in terms of percentages.

The comparison between Figures 4b and 6 demonstrates that, for the SMATed samples, the
adhesion was preferentially done in the gradients where the roughness was important (75 and 100%
of Nb). For the same roughness (P and S + P samples), the cells seemed to be randomly distributed.
After seven days, the distribution trended to be the same for all samples but the nanostructured
microstructure decreased the time needed to reach the distribution equilibrium. This indicated that the
microstructure modification (dislocations cells, finer grains, etc.) induced by severe plastic deformation
only played a role just after adhesion, at the early stage of proliferation.
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Figure 6. Cells distribution on TiNb after three and seven days.

3.3.3. Long Term Cell Proliferation on FGM

As demonstrated in Figure 5, the cells could not proliferate for the Mo containing sample and
even not adhere at high Mo concentration, so only the Nb containing sample were investigated in term
of cell proliferation. Figure 7 presents an example of the number of cells after three, seven, 14 and
21 days in the polished TiNb sample for the same donor. Figure 7 shows that if the total number of
cells increased during the 21 days, the proliferation depended on the composition. Niobium had the
fewest cells in the first week but then became the location in the gradient where proliferation was the
most important. Thus, after three weeks, it became the best material with the highest cell number.
Despite the fact that niobium was not used as such in prostheses because of its mechanical properties
that were too far from those of the bones (higher Young modulus) [51], this test demonstrated the
perfect biocompatibility of pure niobium [50]. In addition, this type of test validated the fact that FGM
can be used successfully in biocompatible experiments to decrease the number of needed samples for
long term proliferation test.

Figure 7. Cells proliferation: example of polished TiNb.
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4. Conclusions

The aim of this study was to describe separately, with a single test, the effect of chemistry,
roughness and SPD microstructure on MSC cell adhesion and proliferation using SMAT on two binary
FGMs (Ti-Nb and TA64-Mo).

• The major findings can be summarized has follows:
• The use of FGMs can greatly reduce the number of samples needed in biocompatibility studies by

ensuring at the same time that all tests are done under the same conditions.
• Increase in roughness was induced by SMAT trends to improve the cellular adhesion.
• Comparatively, this increase in roughness dud not modify the proliferation capability of the cells.
• The microstructure refinement and the presence of structural defects induced by severe plastic

deformation have an effect on cell distribution during the first stages of proliferation.
• Chemistry modifications are the most important factor to ensure long-term cell proliferation.
• Niobium has better long-term biocompatibility than molybdenum when it is pure or when it is

alloyed with titanium.
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