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Exploring new materials is an eternal pursuit in the development of human civilization.
In recent years, people have tended to adjust the order/disorder degree to explore new materials.
The order/disorder can be measured by entropy, and it can be divided into two parts: the topological
ordering and the chemical ordering. The former mainly refers to the ordering in the spatial configuration,
e.g. amorphous alloys [1] with short-range ordering but without long-range ordering; the latter mainly
refers to the ordering in the chemical occupancy, e.g. high-entropy alloys (HEAs) where components
can replace each other. HEAs, in sharp contrast to traditional alloys based on one or two principal
elements, have one striking characteristic: the unusually high entropy of mixing. They have not
been too much noticed until a review paper entitled: ”Microstructure and properties of high entropy
alloys” published in 2014 on the journal of Progress in Materials Science [2]. Lots of reports showing
they exhibit five recognized performance characteristics, namely strength-plasticity trade-off breaking,
irradiation tolerance, corrosion resistance, high impact toughness within a wider temperature range,
and high thermal stability [3]. So far, the development of HEAs has gone through three main stages:
1. quinary equal-atomic single-phase solid solution alloys; 2. quaternary or quinary non-equal-atomic
multiphase alloys; 3. medium-entropy alloys, high entropy fibers, high entropy films, lightweight HEAs,
etc. Nowadays, deeper research on HEAs is urgently needed.

This Special Issue includes forty-two research articles and six review papers dedicated to the
frontiers of high entropy materials, from exploring the microstructures by experiment to revealing the
structure-performance relationship by simulation. These innovative studies will provide new methods
to solve challenging problems and open up new possibilities for emerging research fields.

Configuration entropy plays an important role in the microstructures and properties of HEAs,
which is believed to stabilize disordered solid solution phases over intermetallic compounds by lowering
the Gibbs free energy. Traditionally, configuration entropy was computed by the empirical formula.
In Fernández-Caballero’s work [4], a new formalism based on a hybrid combination of the Cluster
Expansion Hamiltonian and Monte Carlo simulations is developed to predict the configuration entropy
as a function of temperature from multi-body cluster probability in a multi-component system with
arbitrary average composition. Experimentally, Haas et al. [5] used differential scanning calorimetry to
determine the thermal entropy and compared it to the configurational entropy. The contributions of
entropy and enthalpy to the Gibbs free energy was calculated and examined by them.

In addition to the above basic research on the entropy of the alloy system, research on HEAs mainly
focuses on their composition design, preparation and processing technology, mechanical properties,
and physical and chemical properties. Other main contents of this issue are listed as follows.

Entropy 2020, 22, 1158; doi:10.3390/e22101158 www.mdpi.com/journal/entropy1
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1. Compositional Design

Because HEAs are characterized by multiple components and high contents of alloying elements,
the complexity of their compositional design is greatly increased compared with traditional alloys.
Some empirical rules are used early on to realize simple prediction of phase structure. With the
development of computer technology and simulation technology, phase diagram and first-principles
methods are now widely used to help alloy design. Now, machine learning is also popular by using
various algorithms. Here, our Special Issue contains three articles using phase diagram and first
principles for compositional design.

A phase diagram is the geometric description of the system under a thermal equilibrium and
it is the basis for the study of solidification, phase transformation, crystal growth, and solid-phase
transformation. Since the 1970s, the calculation of phase diagrams (CALPHAD) based on the
thermodynamic theory has become a new trend. Gorsse et al. [6] and Klaver et al. [7] conducted
an in-depth study on the use of CALPHAD methods for composition design. On the other hand,
Zheng et al. [8] used first principles to calculate the elastic properties of seventy different compositions
in the refractory V–Mo–Nb–Ta–W system. Effects of different elements to the modulus are precisely
calculated so as to optimize the composition in this refractory system.

2. Preparation and Processing

Traditional preparation methods of bulk HEAs mainly include vacuum arc melting,
vacuum induction melting, mechanical alloying, and so on. In order to obtain a certain crystal
orientation, directional solidification can also be employed. There are also some new preparation
methods for bulk HEAs, such as high-gravity combustion synthesis and additive manufacturing.
Chen et al. [9] reviewed the application of additive manufacturing methods in the fabrication of HEAs.
Compared with the casting counterparts, HEAs prepared by additive manufacturing are found to have
a superior yield strength and ductility as a consequence of the fine microstructure formed during the
rapid solidification in the fabrication process. As a result, this is an effective method to improve their
comprehensive properties.

Different processing methods are closely related to performance. Our Special Issue contains two
research papers on the use of annealing to optimize alloys and two review papers on alloys using high
pressure and welding.

Annealing is considered to be an effective method to improve the microstructure and properties
of alloys, and different annealing temperature and time are closely related to comprehensive
properties. Zhuang et al. [10] investigated the effect of annealing temperature on the microstructure,
phase constituents, and mechanical properties of Al0.5CoCrFeMoxNi (x = 0, 0.1, 0.2, 0.3, 0.4 and
0.5) HEAs at a fixed annealing time (10 h). They found that the alloys annealed at 80 ◦C showed
relatively fine precipitations and microstructures and, therefore, higher hardness and yield stress.
Sathiyamoorthi et al. [11] put the high-pressure torsion-processed CoCrNi alloy with a grain size
of ~50 nm in different annealing conditions and they explored the optimal processing technology.
The sample annealed at 700 ◦C for 15 min exhibited a remarkable combination of tensile strength
(~1090 MPa) and strain to failure (~41%).

Pressure, as another fundamental and powerful parameter, has been introduced to the experimental
study of HEAs. Many interesting reversible/irreversible phase transitions that were not expected or
otherwise invisible before have been observed by applying high pressure. Zhang et al. [12] reviewed
recent results in various HEAs obtained using in situ static high-pressure synchrotron radiation X-ray
techniques and provided some perspectives for future research.

Welding is an important emerging area with significant potential impact to future
application-oriented research and technological developments in HEAs. The selection of feasible
welding processes with optimized parameters is essential to enhance the applications of HEAs.
Guo et al. [13] reviewed the key recent works on welding of HEAs in detail, focusing on the research of
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main HEA systems when applying different welding techniques. They also highlighted the future
challenges and main areas to research.

3. Mechanical Behaviors

Research on the mechanical properties of HEAs is the most extensive. The main research hotspots
are three types of alloys: 1, 3D transitional-group-element HEAs; 2, 3D transitional-group-element
HEAs with Al or Ti added; 3, refractory high-entropy alloys with excellent high-temperature properties.
In addition, other trace alloying elements, such as Mo, Nb, Zr, etc., have also been added to the alloy in
order to study the effect of their content on the microstructures and properties of the alloy.

HEAs based on 3D transition metals, such as CrCoNi and CrMnFeCoNi alloys, are revealed to
have remarkable mechanical properties. Especially the CoCrFeMnNi alloy is famous as the Cantor
alloy for its high plasticity and comparable strength. The tensile creep behavior of the CoCrFeNiMn
HEA was systematically investigated by Cao et al. [14] over an intermediate temperature range
(500–600 ◦C) and applied stress (140–400 MPa). The alloy exhibited a stress-dependent transition from
a low-stress region to a high-stress region, which was characterized by the dynamic recrystallization
and the grain-boundary precipitation. This alloy, deformed at high strain rates (900 to 4600 s−1),
was investigated by Wang et al. [15]. The yield strength was sensitive to the change of high strain rates,
and serration behaviors were also observed on the flow stress curves, which could be predicted by the
Zerilli–Armstrong constitutive equation. Bu et al. [16] performed an in situ atomic-scale observation of
deformation behaviors in a nano-scaled CoCrCuFeNi alloy. Exceptional strength was realized, and the
deformation behaviors, including nano-disturbances and phase transformations, were distinct from
those of corresponding bulk HEAs. The same result was confirmed in Mridha’s [17] experiments.
From the perspective of theory and simulation, Ikeda et al. [18] investigated the impact of compositional
fluctuations in the vicinity of stacking faults on CrCoNi and CrMnFeCoNi by employing first-principles
calculations. Their research and experimental results complement and perfect each other.

Adding other alloying elements is one of the research hotspots, in order to further improve
the strength. The addition of Nb promoted the precipitation of nano-phases and thus increased the
strength of the alloy, and Mo addition in the CoCrFeNi alloy effectively helped to increase the corrosion
resistance. Detailed work was carried out by Han et al., Wang et al., and Tsau et al. [19–21]. The effect
of Zr addition on the CoCrFeNiMn alloy was studied by Zhang et al. [22]. They prepared the alloy by
using the ZrH2 powders and a mechanical alloying technique. Multi-phase microstructures formed in
the alloys, which can be attributed to the large lattice strain and negative enthalpy of mixing, caused by
the addition of Zr. Sun et al. [23] also employed the mechanical alloying technique and prepared the
CoCrNiCuZn alloy. Pd addition promoted the local- and long-range lattice distortions in CoCrFeNi
alloy and also had effect on the phase stability and phase transformation. This phenomenon was
revealed by Zhang et al. [24]. Tan et al. [25] then studied the effect of Mn addition on the microstructures
and mechanical properties of this CoCrFeNiPd alloy.

Alloying Al and Ti in 3D transitional Co-Cr-Fe-Ni HEAs shows a strong influence on microstructure
and phase composition, as well as the ability to decrease the density. They tend to strengthen the
alloy by increasing the lattice distortion, as confirmed by Wu et al. [26]. Löbel et al. [27] studied
the influence of Ti in the AlCoCrFeNiTix alloy, and Zhang et al. [28] characterized the partially
recrystallized CoCrFeNiTi0.2 alloy. It seems that alloying with Ti leads to an increase in microstructural
heterogeneity. Similarly aimed at the Al-Co-Cr-Fe-Ni-Ti alloy after the composition adjustment,
Manzoni et al. [29] studied the microstructure and properties of the Al10Co25Cr8Fe15Ni36Ti6 alloy
and Haas et al. [30] studied those of the Al10Co25Cr8Fe15Ni36Ti6 alloy. Both kinds of alloy showed
beneficial particle-strengthened microstructures. Riva et al. [31] investigated the effect of Sc alloying on
the Al2CoCrFeNi, Al0.5CoCrCuFeNi, and AlCoCrCu0.5FeNi HEAs. It caused grain refinement as well
as hardness and electrical conductivity increases (up to 20% and 14%, respectively). Furthermore, the
solid-state phase transformation kinetics of as-cast and cold rolling deformed Al0.5CoCrFeNi HEAs
have been investigated by Wang et al. [32] using the thermal expansion method. Lightweight AlCrMoTi
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and AlCrMoTiV HEAs were designed by Kang et al. [33] and they were confirmed as solid solutions
with minor ordered B2 phases. They also have superb specific hardness compared to that of
commercial alloys.

With the help of their excellent mechanical properties, high-entropy thin film developed by
a magnetron sputtering technique has attracted attention, which has exciting potential to make
small-structure devices and precision instruments with sizes ranging from nanometers to micrometers.
Liao et al. [34] fabricated Al0.3CoCrFeNi film, and Zhang et al. [35] prepared (Al0.5CrFeNiTi0.25)Nx

high-entropy films. It showed that the phase structure changes from the amorphous to the face-centered
cubie (FCC) structure with increasing N content, which was proved to be related with the atomic
size difference in the alloy system. Similarly, (AlCrTiZrV)SixN high entropy film was prepared and
characterized by Niu et al. [36]. Then, an Al0.5CoCrCuFeNi coating was successfully prepared on an
AZ91D magnesium alloy surface [37], and an AlCoCrFeNi coating was prepared on the stainless steel
substrate [38]. The coating obviously had significant high hardness, high wear resistance, and corrosion
resistance, and can integrate the properties of the substrate.

The development and preparation of composites have realized the complementary advantages
of a variety of different component materials, which can further improve the overall performance
of alloys. Zhang et al. [39] prepared a high-entropy ceramic composite by using HfC, Mo2C, TaC,
and TiC in pulsed-current processing. Furthermore, Li et al. [40] used a mixture of carbides and oxides
in the preparation of an NbMoCrTiAl HEA. With the presence of approximately 7.0 vol. % Al2O3

and 32.2 vol. % TiC-reinforced particles, the compressive fracture strength of the composite reached
1542 MPa, and this was increased by approximately 50% compared with that of the as-cast NbMoCrTiAl
HEA. Furthermore, two types of novel HEA/diamond composites were reported, providing a new
model for material development [41,42].

It can be found that nano-precipitation phases appear widely in HEAs, which play a vital role in
improving their strength and plasticity. In this case, Wang et al. [43] summarized precipitation behavior
and precipitation strengthening in HEAs comprehensively, including the morphology evolution of
second-phase particles and precipitation strengthening mechanisms. They claimed that the challenge
in the future is to design a stable, coherent microstructure in different solid-solution matrices.

Besides room-temperature mechanical properties, HEAs tend to exhibit great high-temperature
properties for their high-entropy stabilization effect. The Hf-Nb-Ta-Ti-Zr refractory HEA shows great
high-temperature properties and room-temperature properties. Zýka et al. [44] presented investigations
of the room-temperature tensile mechanical properties of selected three- and four-element medium
entropy alloys derived from the Hf-Nb-Ta-Ti-Zr system, and they found that it is the five-element HEA
alloy that exhibits the best combination of strength and elongation. Tseng et al. [45] aimed to reveal the
effects of Mo, Nb, Ta, Ti, and Zr on mechanical properties of equiatomic Hf-Mo-Nb-Ta-Ti-Zr alloys.
Another VCrFeTaxWx HEA, which has great high-temperature properties and excellent heat-softening
resistance, was studied and recommended by Zhang et al. [46].

4. Physical and Chemical Properties

In addition to mechanical properties, research on the physical and chemical properties
of HEAs mainly focuses on soft magnetic properties, radiation resistance, electrical properties,
and corrosion resistance.

Because HEAs contain more principal elements, including magnetic elements, such as Fe, Co,
Ni, and Mn, and these magnetic elements are mixed with other elements, HEAs exhibit different
magnetic properties compared to traditional alloys. Li et al. [47] exhibited the effects of Sn addition on
the soft magnetic properties of dual-phase FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs. They showed
that saturation magnetization of the alloy increased greatly, while the remanence (Br) decreased after
the addition of Sn. Furthermore, thermomagnetic curves indicated that the phases of the alloy will
transform from FCC with low Curie temperatures (Tc) to the body-centered cubic (BCC) phase with high
Tc at temperatures of 600–700 K. For the FeSiBAlNi alloy, the effects of Co and Gd addition combined
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with subsequent annealing on microstructures were investigated by Zhai et al. [48]. FeSiBAlNi-based
HEAs also possessed soft magnetism, especially the as-annealed FeSiBAlNiGd alloy, which can be
ascribed to the formation of Gd-oxides.

Some HEA systems also have good radiation resistance. Disordered solid-solution phase structure
is mainly formed in HEAs. The biggest feature of their structure is the large lattice distortion caused by
the difference in atomic size and the high configuration entropy. Therefore, atomic-level stress may be
formed. In addition, the sluggish diffusion effect is caused by the interaction of multiple components.
As a result, HEAs have shown excellent performance in radiation resistance, which provides new
ideas for the development of nuclear materials. CoCrFeCuNi alloys were irradiated with a 100 keV
He+ ion beam by Wang et al. [49]. It was indicated that Cu-rich phases were favorable sites for the
nucleation and gathering of He bubbles. At ion doses of 2.5 × 1017 ions/cm2 and 5.0 × 1017 ions/cm2,
the HEAs showed obvious hardening, which could be attributed to the formation of large amounts of
irradiation defects.

5. Outlook

The development of HEAs has only been occurring for no more than ten years until now,
and people’s understanding of this material is still in its infancy. This Special Issue summarizes some
of the latest developments in HEAs. Even though not all the questions related to HEAs have been
given a reasonable explanation in this issue, it does pay attention to some typical research hotspots,
and significant progress can, indeed, be seen. We believe this special issue will guide further research
and promote the property breakthrough of HEAs.
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Abstract: The plastic deformation of bulk metallic glasses (BMGs) depends significantly on applied
stress states, and more importantly, in practical applications of BMGs as structural materials,
they always deform under complex stress fields. The understanding of deformation behavior of BMGs
under complex stress fields is important not only for uncovering the plastic deformation mechanisms
of BMGs, but also for developing BMG components with excellent mechanical performance. In this
article, we briefly summarize the recent research progress on the deformation behavior of BMGs under
complex stress fields, including the formation and propagation of shear bands, tunable macroscopic
plasticity, and serrated plastic flows. The effect of complex stress fields on the plastic deformation
mechanisms of BMGs is discussed from simple stress gradient to tailored complex stress fields.
The deformation behavior of high entropy alloys (HEAs) under complex stress states has also been
discussed. Challenges, potential implications and some unresolved issues are proposed.

Keywords: bulk metallic glass; complex stress field; shear band; flow serration; deformation
mechanism; high entropy alloy

1. Introduction

As a new class of structural materials, bulk metallic glasses (BMGs) are considered poised for
widespread engineering applications [1]. With non-ordered atomic structures, plastic deformation
in BMGs is accommodated by initiation and propagation of shear bands, rather than dislocation
movements as in crystalline alloys [2–4]. Under applied stress, plastic strain is localized within a thin
layer of atoms with a width of about 2–210 nm, forming a shear band [5–10]. Extensive studies have
shown that the initiation and propagation of shear bands are significantly dependent on applied
stress fields. For example, the burst of a shear band relies on applied shear stress, and a shear band
can be initiated only when the applied shear stress exceeds a critical value [5,11–14]. In addition,
in practical applications of BMGs as structural materials, they always deform under complex
stress states [15]. Studies have shown that BMGs can demonstrate more plastic deformation under
complex stress states [16–18]. This implies that although some BMGs are brittle under conventional
compression/tension tests with relatively-uniform stress fields, they can still have large capability
to deform plastically in practical structural applications. For example, BMG foams can exhibit large
nominal plasticity, which is much larger than solid BMG specimens [19–21]. BMG honeycombs
and cellular BMG structures also demonstrate similar behavior [22–24]. The understanding of the
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deformation behavior of BMGs under complex stress fields is therefore important not only for
uncovering the plastic deformation mechanisms of BMGs, but also for developing BMG components
with excellent mechanical performance. Although many papers have reviewed the atomic structures,
mechanical and physical properties, and functional and structural applications of BMGs [2–4,25–40],
a comprehensive review on the plastic deformation behavior of BMGs under complex stress fields
has not been reported. In this work, the research progress on the plastic deformation behavior of
BMGs under complex stress fields is reviewed, including the initiation and propagation of shear bands,
macroscopic plastic deformation behavior, criticality of plastic flows, and transition of deformation
modes. The recent contributions on the deformation behavior of high entropy alloys (HEAs) under
complex stress fields have also been discussed. The challenges, unresolved issues as well as future
research directions are proposed.

2. Initiation of Shear Bands under Complex Stress Fields

Driven by applied shear stress, the dilatancy of atoms, associated with excess free volume,
results in the decrease of viscosity localized in thin layers of shear bands [41,42]. The localization
process causes local heating/softening, which was evidenced by experimental observations through
fusible coatings [43–45]. The initiation of shear bands in BMGs was studied extensively during
the past decades. Greer et al. [4] have summarized the formation mechanisms into three scenarios:
the percolation of homogeneous nucleated shear transformation zones (STZs), stemming from the
intrinsic structural fluctuations; the nucleation from the sites with extrinsically introduced stress
concentrators, such as casting defects; and a two-consecutive-stage formation, including the burst
of a viable band from activated STZs at stress-concentrated sites and a following rapid sliding
process. Although the shear-banding mechanisms in BMGs are still under debate, all three kinds of
scenarios share a common point that the initiation of shear bands is significantly dependent on applied
stress fields. Johnson and Samwer [46] have shown that the potential barrier for activating STZs at
a given shear stress, τ, can be expressed as Wτ = 4RG0γC

2[(τC − τ)/τC]3/2ζΩ, where τC is the critical
shear stress of the BMG, γC is the critical shear strain, R is a constant parameter, G0 is the shear modulus
of unstressed BMGs at 0 K, Ω is the volume of STZs, and ζ is a correction factor. With the change
of applied shear stress (τ) under complex stress fields, the activation process of STZs will be varied
accordingly, resulting in differences in the initiation of shear bands. On the other hand, the annealing of
stressed MGs can be used to shape MG films without embrittlement, where the change of free volume in
stressed BMGs may also cause different deformation behavior [47]. Hufnagel et al. [48] have indicated
that although many previous studies have focused on the deformation behavior of BMGs under
uniaxial stress states, the understanding of the deformation behavior as well as structural evolution
under more complex stress states is urgently needed to uncover the shear-banding mechanisms, such
as the shear localization process. The research progress on the formation mechanisms of shear bands
in BMGs has been summarized in many review papers [4,27,30,34,35,48–54], however, the formation
of shear bands under complex stress fields has rarely been emphasized. Here, the initiation of shear
bands under more complex stress fields is summarized.

With well-known size effect, MGs demonstrate different deformation behavior at submicron
scales, for example, larger elastic limit, higher ductility, and more homogeneously plastic deformation
with necking effect [55–59]. The introducing of stress concentrators in submicron-sized specimens will
facilitate the initiation of shear bands, giving better insight into the shear band formation mechanisms.
A simple method to introduce stress concentrators is to create notches in testing specimens. Based on
MD simulations of some notched CuZr MGs, Sha et al. [60] have reported that shear bands emanate
from the notch root when the plastic zone size ahead of the notches increases beyond a critical value.
As shown in Figure 1, the notches can serve as stress concentrators to facilitate the localization of
plastic zones, leading to the initiation of shear bands. Following studies have examined the effect
of notch geometries and sizes on the formation of shear bands [61–63]. They have shown that the
initiation of shear bands can be tailored by introducing notches with appropriate geometries and sizes,
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which can serve as stress concentrators for highly localized shear strains. By creating surface roughness
in MG nano-pillars can also achieve similar localized shear strains [64]. It can then be concluded
that under complex stress fields, stress concentrators serve as origin sites for the initiation of shear
bands due to higher localized shear strains. The authors would like to point out that at sub-micron
scales, the formation of localized shear bands can also be suppressed till fracture due to the change of
deformation modes [65]. This phenomenon has also been observed in notched MG specimens with
sub-micron sizes, where the change of notch sizes can tune the deformation modes from localized
shear-banding to homogeneous softening and necking [61–63]. A summary on the homogeneous
deformation behavior of BMGs under complex stress fields will be given in Section 5 in this paper,
and thus not described in detail here.

Figure 1. MD simulation results showing the initiation and propagation of shear bands in some notched
Cu50Zr50 MG specimens, where the color denotes the localized shear strains. Reprinted from [60] with
permission of 2013 AIP Publishing LLC.

Despite the efforts to understand the initiation of shear bands in BMGs under complex stress
fields, some problems are still unresolved. For example, how to control the propagation of shear bands
through the design of complex stress distributions? With well-known size effect, what’s the difference
between the mechanisms on the formation of shear bands at submicron scales and macroscopic scales?
Further understandings of the initiation and propagation of shear bands under complex stress fields
could add more knowledge to the plastic deformation mechanisms of BMGs.

3. Macroscopic Deformation Behavior under Gradient Stress Distribution

The macroscopic plastic deformation in BMGs is accommodated by the initiation and propagation
of shear bands. The rapid propagation of shear bands causes catastrophic failures, while the
confinement of the propagation of shear bands can enhance the macroscopic plasticity. Moreover,
the impeding of the propagation of shear bands is also beneficial for the initiation and bifurcation of
more shear bands, leading to more plastic deformation. The applied complex stress fields in BMGs
not only bring to stress concentrators, serving as sites for the initiation of shear bands, but also
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influence the propagation of shear bands, even under simple gradient stress distributions. Studies on
the deformation behavior of BMGs under gradient stress distributions, for example, the specimens
with tailored sample geometries and surface treatments, are discussed here.

3.1. Stress Gradient Resulting from Tailored Sample Geometry (Loading Angle)

Under compression tests of BMGs, by tailoring a tilted angle between the end surface and loading
platen, as shown in Figure 2a inset, significant improvement in the macroscopic plasticity, associated
with work-hardening-like behavior, was observed [16]. Based on the scanning electron microscopy
(SEM) observations and Finite Element Modeling (FEM) results, Chen et al. [16] have shown that the
propagation of shear bands can be stopped in the regions with relatively lower stress concentration
orders, leading to the multiplication of more shear bands associated with greatly enhanced macroscopic
plasticity. Similar large nominal plasticity was also observed in some other BMG samples with tilted
surface angles [17,66,67]. The tilted geometry constrained the initiation of shear bands in the regions
with localized strains, and at the same time hindered the propagation of shear bands, leading to
the multiplication of more shear bands. Despite the brittleness, some BMG communities still have
certain plasticity under compression tests. However, almost all communities of BMGs are brittle
under tensile loadings. The investigations on the plastic deformation behavior of the tensile side of
bending BMG specimens have indicated that more plastic deformation was found due to the presence
of tensile stress gradient [68,69]. The gradient stress distributions may also be possible to be used
to improve the plastic deformation behavior of BMGs under tensile loadings. Chen et al. [70] have
then introduced gradient stress distribution into some tensile specimens by tailoring tilted angles in
Z-shaped BMG specimens, as shown in Figure 2b. It is interesting to find that the tilted BMG specimens
have demonstrated more plastic deformation in the stress-concentrated regions, similar to compressive
testing results. This implies that although BMGs are brittle in conventional compression/tension tests
with relatively uniform stress distributions, they may still demonstrate more plastic deformation in
practical engineering applications, where they always deform under complex stress fields. Additionally,
with the presence of stress gradients, BMGs can also exhibit attractive performance for engineering
applications, such as higher reliability in nominal strains [71] and less dependence on the change of
loading rates [72]. The understanding of the deformation behavior of BMGs under stress gradients
opens a new window for the practical applications of BMGs.

Figure 2. (a) Effect of stress gradient on the compressive plastic deformation behavior of BMGs, where
the gradient stress distribution was introduced by tailoring a loading angle between the plateau and
the specimen surface. A and B are macroscopic nominal stress-strain curves of the specimens without
and with stress gradient, respectively (adapted from [16] with permission of 2008 AIP Publishing LLC.);
(b) Effect of stress gradient on the deformation behavior of BMGs under tensile loadings, where the
gradient stress distribution was introduced by designing Z-shaped specimens (adapted from [70] with
permission of Elsevier).
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3.2. Effect of Surface Residual Stress

In engineering applications of structural materials, residual stress is usually created to improve
the mechanical performance. In BMG communities, the introducing of surface residual stress using
techniques, such as shot peening, laser melting and mechanical attrition, has also been investigated to
improve the macroscopic plastic deformation behavior. For example, Zhang et al. [73] have treated
some Zr-based BMGs using shot peening, and enhanced the bending plasticity significantly (Figure 3).
A maximum surface plastic strain of about 0.35% was obtained while the as-cast BMG specimen
only has a limited value of about 0.15%. They have shown that the compressive residual stress
on the surface of shot-peened specimens can suppress the propagation of shear bands and cracks.
Combined with the pre-existed shear bands nucleated underneath the surface, more shear bands will
be initiated to achieve larger macroscopic plasticity. By laser surface melting, gradient distribution
of both tensile and compressive residual stresses as well as atomic structural changes can also be
employed to improve the macroscopic plasticity of BMGs [74,75]. In addition, Wang et al. [76] have
obtained an obvious enhancement in the tensile plasticity of BMGs by surface mechanical attrition
treatment. Gradient atomic structures were formed during the mechanical attrition process, resulting
in a gradient distribution of residual stress with both compressive and tensile stresses. They have
shown that the gradient distribution of residual stress can cause the formation of more shear bands,
and at the same time, delay the cavitation effect, resulting in a work-hardening mechanism associated
with enhanced plasticity [76].

Figure 3. Three-point bending behavior of BMGs with surface treatment by shot peening. Reprinted
from [73] with permission of Springer Nature.

Despite the use of different methods/techniques to introduce gradient stress distributions to
BMGs, it can be concluded that the localized regions with high orders of stress concentration can
promote the initiation of more shear bands, and the regions with less stress concentrations impede
their propagations. This will further induce the bifurcation and multiplication of shear bands, leading
to better macroscopic plasticity. By design of appropriate distributions of more complex stress fields,
it is able to tailor the formation and propagation of shear bands, achieving controllable plastic
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deformation behavior. In fact, many studies have been devoted to achieving tunable plastic deformation
behavior of BMGs by designing complex stress fields, which are given in the following section.

4. Tunable Plastic Deformation Behavior under Tailored Complex Stress Fields

During the past decade, tunable plastic deformation behavior has been widely achieved by
extensive studies based on the design of complex stress fields, for example, to guide the propagation
of shear bands and cracks, to tune the criticality of the plastic-flow dynamics, and to obtain
large apparent plasticity/elongations. The studies are of significance for giving more insight into
the shear-banding mechanisms of BMGs, and obtaining better macroscopic plastic deformation
performance for engineering applications.

4.1. Guiding the Propagation of Shear Bands and Cracks

The initiation of shear bands emanating from notch roots was widely studied to evaluate the
fracture behavior of BMGs [77,78]. Tandaiya et al. have shown that by changing the mixity of loading
modes (I/II) of bending specimens can tune the plastic zone sizes as well as their distributions [79,80].

Under mixed mode loading conditions, the notch root deforms as that one part sharpens and the
other part blunts. The increase of mode II component can enlarge the plastic zone sizes and enhance
the localized strain levels ahead of the notch tips, resulting in controllable directions for shear-banding
and micro cracks. For some notched BMGs, Yi et al. [81] have demonstrated that by creating pre-existed
shear bands can change the plastic deformation behavior as well as the crack propagations around
the notch root. To guide and deflect the cracks in those notched BMGs can improve the fracture
resistance behavior, which is useful for toughening BMG components with stress concentrations in
engineering applications. The controlled shear-banding behavior of notched BMGs was understood
by Yang et al. from a perspective of “multiple shear band deformation mechanisms”, differing from
the conventional materials fracture mechanics [82]. The proposed fracture mechanisms agree well the
fracture morphologies of notched BMGs, giving more theoretical understandings on the controlling
of shear-banding in notched BMGs. Li et al. [83] have also conducted theoretical analysis on the
controlling of shear-banding in BMGs using an instability theory. As shown in Figure 4, the formation
of shear bands in notched specimens with mode mixities of 0.5 and 0.75 was successfully predicted by
instability analysis, which is highly in line with the FEM results and experimental observations [83].
Such a theory may be further used to predict the shear-banding behavior of BMGs under complex
stress fields in practical engineering applications.

Figure 4. Cont.
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Figure 4. Shear bands formation in notched specimens with mode mixity (Me) of 0.5 (a,b) and 0.75 (c,d),
respectively (Me = 1 and 0 stand for mode-I and mode-II loading conditions, respectively). (a,c) show
the predictions by an instability theory, and (b,d) are the FEM results [83].

4.2. Tunable Criticality in Flow Serrations

The discontinuous plastic flows in crystalline alloys display serrations or jerky flows
in stress-strain curves, which are known as the Portevin-Le Chatelier (PLC) effect [84,85].
Although BMGs have vanished crystalline lattices, the plastic deformation in BMGs is limited to
inhomogeneously-localized shear bands, which also results in discontinuous stress-strain behavior
similar to the PLC effect in crystalline alloys, i.e., serrated plastic flows. A great consideration of
research has shown that the serrated plastic flows of BMGs can evolve to a power-law scaling
criticality [40,86–94]. The criticality of the plastic-flow dynamics is usually correlated to larger
macroscopic plasticity [86]. The criticality of the flow serrations can be attributed to the multiplication
and intersections of shear bands, which suggests that the burst of shear bands may be intrinsically
correlated [86,95]. However, for BMGs under tensile loadings, the catastrophic failures lead to limited
serrations where the understanding of the plastic-flow dynamics is very challenging. By designing
complex stress fields through double-side notches, Chen et al. [96] have reported tunable criticality
in the plastic flows of BMGs under mixed mode (I/II) loading conditions. As shown in Figure 5,
by the multiplication of shear bands within the regions with complex stress fields, a stable plastic flow
stage was observed, resulting in the delay of catastrophic failures [96]. The two-stage plastic flows
were also observed under compression tests, where the formation of new shear bands tends to delay
catastrophic failures [97]. For the notched specimens with complex stress fields (Figure 5), the flow
serrations during the stable plastic flow stages have smaller magnitudes, and evolve to a power-law
scaling. The findings suggest that it may be possible to obtain more flow serrations in tensile BMGs
by introducing of complex stress fields, where enough serration data could be collected to give more
insight into the plastic-flow dynamics of BMGs under tensile loadings.

Thereafter, by tailoring single-side notches with varying radii, complex stress fields with varying
stress concentration factors have been introduced to some tensile BMG specimens [76]. Despite
different trends in the evolution of amplitudes from compression tests, the flow serrations of the
single-side notched BMG specimens also demonstrate power-law criticality within the stable plastic
flow stages, similar to the results under compression and nano-indentation tests [76]. The power-law
criticality in BMGs might be a universal rule for all kinds of loading conditions. Based on such
assumption, the catastrophic failures in BMGs can then be delayed or avoided in practical applications
by designing complex stress fields, regardless of loading conditions. Additionally, under complex stress
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fields, BMGs can also have high uniformity for accumulating elastic energy during the stress-arising
process of the flow serrations [98]. By tailoring of complex stress fields is helpful for uncovering the
mechanisms of the plastic flow serrations in BMGs and to achieve better plastic performance.

Figure 5. (a) Serrated plastic flows of three notched BMG specimens at a loading rate of 0.06 mm/min.,
where L = 0, 0.2, and 0.4 mm for L00, L20 and L40 specimens, respectively. (b) The |d(load)/d(t)|
versus time relationships showing the observation of two-stage plastic flows [96].

4.3. Achieving Large Macroscopic Plasticity/Axial Elongation

The improved macroscopic plastic deformation behavior of BMGs under complex stress fields
can be observed in some specimens with casting defects, such as voids [99]. In order to create complex
stress fields to block the propagation of shear bands, Zhao et al. [100–103] have introduced notches
into BMGs and obtained greatly enhanced nominal strains. An example showing the improvement of
nominal strains of notched BMGs was shown in Figure 6a. The introducing of symmetrical notches
can result in stable plastic flows confined within the regions between notches. With high orders of
stress concentrations, shear bands are easier initiated from the notch bottoms. However, only the
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stress fields between two symmetrical notches can effectively confine the propagation of shear bands.
In the specimens with single notches or two asymmetric notches, significant improvement in nominal
plasticity was not observed due to the rapid propagation of shear bands [100–103]. By tailoring the
distribution of more notches is useful for achieving larger macroscopic plasticity of BMGs, especially
in practical applications of BMGs [104]. Moreover, such a strategy may be particular useful for BMGs
due to the unique atomic orders. The notched high-strength steel and ceramic specimens exhibited no
obvious improvement or even decreased nominal strains (Figure 6b) [102].

 
Figure 6. Enhanced nominal strain in a notched BMG specimen under compression (a), and the
comparison of the effect in different materials (b). Adapted from [102] with permission of Elsevier.

As compared with the plastic deformation behavior of BMGs under compressive loadings,
it is challenging to obtain plasticity under tensile loadings due to catastrophic failures. With vanishing
of crystalline lattices and boundaries, the rapid propagation of shear bands cannot be impeded, and
leads to brittle failures. Nevertheless, it is fortunately to find that the introducing of complex stress
fields can be employed to improve the plastic deformation behavior of the stress-concentrated regions.
Qu et al. [105,106] have reported that the complex stress field created by double-side notches can
prevent the unstable propagation of shear bands, and result in a stable plastic zone. Li et al. [107]
have further examined the effect of notch sizes and shapes on the formation and propagation
of shear bands in the stress-concentrated regions, based on FEM simulations, and identified the
notch conditions which are beneficial for plastic deformation. By tailoring the plastic deformation
in stress-concentrated regions, tunable axial elongations have also been obtained in some curved
specimens, as shown in Figure 7 [108]. With both compressive and tensile stresses, the curved segment
forms a shear band multiplication stage during tensile loading process [18,108]. Although the large
plastic deformation was localized in the stress-concentrated regions, the straightening of the curved
segments results in large axial elongations along the loading directions. Despite the brittleness under
uniform stress distributions, large axial elongations can still be achieved in BMGs and BMG structures
through the geometry design, laying a sound foundation for the practical applications of BMGs as
structural materials.

Additionally, tensile ductility in BMGs has also been achieved by introducing complex
stress states onto the surface of BMG specimens, such as imprinting method [109,110] and laser
surface treatment [111,112]. The enhancement of macroscopic tensile ductility was attributed to
the heterogeneities on the specimen surface, such as the mechanical properties and geometries,
resulting from tailored complex stress fields [109,110]. The heterogeneities cause the formation of
plastic zones with multiple shear bands. The multiplication and intersection of shear bands limit the
rapid propagation of shear bands, and therefore enhance the macroscopic ductility. Gao et al. [111] have
found that with complex stress fields introduced by laser surface treatment, the shear band propagation
was impeded, leading to a relatively homogeneous deformation mode. Dong et al. [112] have further
shown that the tensile ductility may be ascribed to the large scale flow, driven by the complex stress
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fields introduced by laser engraving. Although the mechanisms on the enhancement of macroscopic
ductility of BMGs under complex stress fields are still being debated, in fact, complex stress fields have
been widely employed to investigate the deformation mechanisms of BMGs, i.e., under indentation
tests. For example, indentation tests have been used to investigate the shear band formation and
propagation mechanisms [113,114], and the transition of deformation modes from serrated flows to
homogeneous deformation [115,116]. However, since the specimens do not fracture during indentation
tests and the studies mainly focused on the corresponding deformation mechanisms, these studies on
the indentation tests of BMGs are therefore not discussed in detail here.

 

Figure 7. Tunable large axial elongations in curved BMG specimens under tensile loadings, where the
inset image showing the reduced sections of the curved specimens. Adapted from [108] with permission
of Elsevier.

Up to date, complex stress fields have been used to characterize the shear band formation and
propagation mechanisms, as well as the global deformation behavior, such as the plasticity and fracture.
However, theories on how to control the propagation of shear bands and cracks, and subsequently
control the macroscopic plastic deformation behavior of BMGs are still urgently needed. In the practical
applications of BMGs as structural materials, most of the parts of BMG structures may deform under
complex stress fields. The understanding of the macroscopic deformation behavior of BMGs under
complex stress fields is also useful for designing BMG structures with better mechanical performance,
for example, the development of BMG foams [20], BMG honeycombs [22] and cellular BMGs [117].

5. Transition of Deformation Modes under Complex Stress Fields

Attributed to the amorphous atomic structures, homogeneous plastic flow in BMGs is usually
observed at high temperature [42]. However, at room temperature, the introducing of complex stress
fields can also result in the transition of deformation modes from highly localized shear-banding
to relatively homogeneous deformation. A pioneered work by Flores and Dauskardte [118] on the
strain localization behavior of some notched BMG bars has suggested that the stress states may affect
the deformation and failure behavior of BMGs. Want et al. [119] have then examined the plastic
deformation behavior of a Zr64.13Cu15.75Ni10.12Al10 (at. %) BMG under multi-axial tensile stress states,
introduced by circumferential deep notches. It was surprising to find that the notched BMG specimens
demonstrate strain hardening behavior at room temperature, as can be seen in Figure 8. This unusual
phenomenon was attributed to the diffusional relaxation driven by multiaxial stress states, where
obviously shear-banding behavior was not observed. Further studies have shown that the change of
the notch dimensions can cause BMGs to deform plastically through the nucleation and coalescence of

18



Entropy 2019, 21, 54

voids/cavies, where shear-banding behavior is suppressed [120]. Since the formation of shear bands
occurs from very localized regions into sub-micron scales, the examination of homogeneous plastic
deformation at sub-micron scales brings more understandings to the transition of deformation modes
from localized shear-banding to homogeneous deformation.

Figure 8. (a) Strain hardening effect in a notched BMG at room temperature, and (b) shows the
trace of mircohardness at the notched regions. Adapted from [119] with permission of American
Physical Society.

Gu et al. have examined the shear-banding and fracture behavior of some notched Ni-P/Fe-P MGs
of about 70 nm in diameter, as shown in Figure 9a [121]. Combined with experimental observations
and molecular dynamics (MD) simulations, they showed that plastic deformation in these notched
MG specimens initiated from the notch root by forming microscopic voids, and the coalescence of
voids resulted in cavitation and final brittle failures. Narayan et al. [122] have studied the deformation
mechanisms of some double-side-notched CuZr MGs with varying sharpness (Figure 9b). They have
found that the specimens with sharper notches can delay the formation of shear bands, resulting from
a higher degree of triaxiality in stress distributions. When the cavitation stress reaches a threshold
value, plastic deformation in MGs can transit from shear-banding to microscopic voids coalescence,
similar to the MD simulation results reported by Gu et al. [121]. On the other hand, Narayan et al. [122]
have also examined the effect of notch depth on the plastic deformation mechanisms of MGs. It was
shown that a deeper notch tends to facilitate homogeneously activated STZs and then suppress
shear-banding. However, to date the experimental studies on the formation of STZs and shear bands in
notched MG specimens are not sufficient enough to make a consensus conclusion on the formation and
evolution mechanisms of STZs/shear bands. Since STZs only involve a small cluster of atoms, it is still
challenging but necessary to investigate the initiation of STZs under complex stress fields directly
through in-situ TEM observations, and how these STZs evolve to shear bands/cracks. MD simulations
are therefore more feasible to be employed to investigate the formation of shear bands under complex
stress fields.

Based on MD simulations, many previous studies focused on the effect of notch sizes and
geometries on the plastic deformation behavior of nanoscaled MG specimens, aiming to shed more
light into the transition of deformation modes. Sha et al. have shown that the design of notches
with increased depth and sharpness can suppress shear-banding and result in more homogeneous
defamation with presence of necking [61]. Similar transition of deformation modes can also be observed
in nanopillars with tailored surface roughness [64]. Pan et al. [123] have investigated the physical
origin of the homogenous deformation, and found that voids and cavitations were initiated at the
notch root when the stress triaxiality exceeds a critical value. On the other hand, Dutta et al. [62] have
also observed the transition of deformation modes from shear-banding (Figure 10a,b) to homogeneous
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deformation with necking (Figure 10c,d). With a relatively sharper notch (Figure 10c), plastic zones
first initiated from the notch root due to stress concentrations, and then evolved to incipient shear
bands (Figure 10d). However, due to the rapid expansion and coalesce of plastic zones, the formation
of shear bands was finally suppressed, showing a necking effect (Figure 10e,f). It is reasonable to see
the initiation of some incipient shear bands, where stress concentrators can also serve as sites for the
nucleation of STZs, as discussed in Section 2. There may exist a competing process for the formation of
localized shear bands and the coalescence of plastic zones, where the rapid coalesce of plastic zones
can suppress the initiation of shear bands and result in different plastic deformation mechanisms.
This phenomenon is also highly in line with the in-situ TEM observations on the plastic deformation
behavior of some nanosized MG specimens [122]. The change of atomic packing in a shear band was
observed in a Ni-based MG [124]. More recently, Cui et al. [63] have examined the structural evolution
of CuZr MGs during the transition of deformation modes from shear-banding to homogeneously
necking in notched MGs. They have shown that the Voronoi volume recovery can be dominant in
the localized regions with triaxial stress state, differing from the unnotched specimens. Nevertheless,
more effort is still needed for revealing the underlying physical origins of the homogeneous plastic
deformation within the localized regions with complex stress fields, such as the movements of atoms,
atomic structural evolutions as well as the formation and coalesce of microscopic voids.

Figure 9. (a) Deformation behavior of single-side-notched Ni-P/Fe-P MGs (Reprinted from [121]
with permission of ACS Publications); (b) in-situ TEM observation of the deformation behavior of
double-side-notched CuZr MG specimens with varying sharpness (adapted from [122] with permission
of Elsevier).

 

Figure 10. MD simulation results of the Mises strain plots of unnotched (a) and notched (b–f) specimens,
where (c–f) shows the evolution of plastic zones in a specimen with a sharper notch than (b). Adapted
from [62] with permission of Elsevier.

6. Deformation Behavior of HEAs under Complex Stress Fields

HEAs are a new class of alloys, having at least five elements with equal or near equal atomic
percentages, where the solvent and solute elements are not easily distinguished [125]. The mixing of
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multi component in the solution states results in very high entropy associated with unique properties.
For example, they can have high strength comparable to BMGs [125]. More importantly, in conventional
metallurgical methods, the increase of strength leads to the decrease of ductility, and it seems that
the strength and ductility are usually mutually exclusive in conventional alloys [126]. However,
some HEAs can exhibit both high strength and ductility [127]. The plastic deformation behavior of
HEAs shares similar characteristics as compared with BMGs. For example, differing from conventional
alloys, HEAs also have serrated plastic flows, resulting in challenges to accurately predict and
control the plastic deformation behavior [40,128]. The serrated plastic flows of HEAs are also
significantly dependent on the change of strain rates, temperature and sample dimensions [125,128,129].
For instance, Zou et al. [129] have examined the plastic deformation behavior of some HEAs with Ar+
ion beam-assisted deposition, where flow serrations were obviously observed in the pillar of 70 nm
diameter, while the pillars with larger diameters tend to have smooth plastic flows (Figure 11).

 
Figure 11. The compressive stress-strain curves of NbMoTaW HEAs, where IBAD stands for the
specimens with Ar+ ion beam-assisted deposition [129].

Recent research has shown that the residual strains may cause the instability of phases and result in
the transition of phases [130]. This may further change the mechanical properties of HEAs, for example,
transition induced plasticity [127]. Joseph et al. [131] have reported that some laser-fabricated
Al0.3CoCrFeNi HEAs exhibited tension/compression asymmetric deformation behavior, without/with
mechanical twining. Therefore, the change of applied stress fields could also affect the evolution
of microstructures in HEAs, such as the phase transition and mechanical twining, and the resultant
flow serrations and mechanical properties. The tailoring of complex stress fields can be used to
improve the plasticity and tune the criticality of plastic flows in BMGs, while some research has
also shown that the notches can reduce the nominal strains of crystalline high-strength steels [102].
Whether the introducing of complex stress fields is helpful for improving the plasticity and tuning the
criticality of flow serrations in HEAs is still a mystery. Up to date, a study focused on the deformation
behavior of HEAs under complex stress fields has yet been reported. Regarding that the evolution
of microstructures of HEAs is significantly affected by applied stress states, it should be worthy of
further investigations on the deformation behavior/mechanisms of HEAs under complex stress fields.

7. Conclusions and Future Directions

The change of applied stress fields can significantly affect many aspects of the plastic
deformation in BMGs, such as the shear band initiation and propagation, evolution of flow serration,
and macroscopic plastic performance. Varying complex stress fields have been employed to investigate
the mechanisms on the burst of shear bands, guiding the propagation of shear bands/cracks, tunable
plastic-flow dynamics, transition of deformation modes and better plastic performance. On one hand,
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complex stress fields play a significant role for elucidating the mechanisms on the plastic deformation
in BMGs. For example, how STZs are initiated and when the formation of STZs is suppressed?
On the other hand, complex stress fields can be tailored to achieve controllable plastic deformation
behavior for practical engineering applications. A case in point is to design BMG structures/devices
with enhanced mechanical properties. However, the understanding on the deformation behavior of
BMGs under complex stress fields still faces challenges, and some unresolved issues are summarized
and given below:

• Although studies have been devoted to investigating the formation of shear bands under complex
stress fields, how to control the formation of a shear band under a given complex stress fields is still
challenging, especially under experimental observations. The localization of plastic deformation
in BMGs at submicron scales involves size effect and transition of deformation modes. Due to
different mechanical/physical properties, differences may exist during the formation of shear
bands when characterized in specimens with varying sample dimensions. With complex stress
fields, the formation and propagation of shear bands can be tailored, and even be eliminated by
homogeneous deformation. The mechanisms on the plastic deformation of BMGs under complex
stress fields are worthy of further attention to uncover the fundamental deformation/fracture
mechanisms of BMGs.

• Extensive studies have shown that the burst of shear bands is not an independent event and
affected by previously existing shear bands [73,96]. The flow serrations in BMGs, which are related
to the formation of shear bands, may also have intrinsic links. Despite the well-known tunable
power-law criticality, how to predict and control the serrated plastic flows in BMGs is still very
difficult and challenging. The control of the initiation and propagation of shear bands under
complex stress fields could be helpful for shedding more light into the underlying relationships
among the bursts of flow serrations.

• The engineering applications of BMGs still have many challenges due to catastrophic
failures and metastable microstructures, associated with uncertainty in mechanical properties.
The achievement of controllable plastic deformation behavior under complex stress fields may
not only improve the macroscopic mechanical performance, but also lead to more reliable
behavior. Combining with tailored complex stress fields, BMG devices/structures with enhanced
performance as well as predictable properties can be further developed, exploring the engineering
applications of BMGs.

• HEAs have some characteristics similar to BMGs, for example, the serrated plastic flows which
are difficult to predict/control. The introducing of complex stress fields can result in the evolution
of microstructures, such as phase transition and mechanical twining, which may also be beneficial
for uncovering the deformation mechanisms of HEAs. Furthermore, with controllable evolution
of microstructures, the outstanding mechanical properties of HEAs could be further improved
and optimized.
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Abstract: It has been 14 years since the discovery of the high-entropy alloys (HEAs), an idea of
alloying which has reinvigorated materials scientists to explore unconventional alloy compositions
and multicomponent alloy systems. Many authors have referred to these alloys as multi-principal
element alloys (MPEAs) or complex concentrated alloys (CCAs) in order to place less restrictions
on what constitutes an HEA. Regardless of classification, the research is rooted in the exploration
of structure-properties and processing relations in these multicomponent alloys with the aim to
surpass the physical properties of conventional materials. More recent studies show that some of
these alloys undergo liquid phase separation, a phenomenon largely dictated by low entropy of
mixing and positive mixing enthalpy. Studies posit that positive mixing enthalpy of the binary and
ternary components contribute substantially to the formation of liquid miscibility gaps. The objective
of this review is to bring forth and summarize the findings of the experiments which detail liquid
phase separation (LPS) in HEAs, MPEAs, and CCAs and to draw parallels between HEAs and
the conventional alloy systems which undergo liquid-liquid separation. Positive mixing enthalpy
if not compensated by the entropy of mixing will lead to liquid phase separation. It appears
that Co, Ni, and Ti promote miscibility in HEAs/CCAs/MPEAs while Cr, V, and Nb will raise
the miscibility gap temperature and increase LPS. Moreover, addition of appropriate amounts of
Ni to CoCrCu eliminates immiscibility, such as in cases of dendritically solidifying CoCrCuNi,
CoCrCuFeNi, and CoCrCuMnNi.

Keywords: high-entropy alloys; liquid phase separation; immiscible alloys; HEAs; multicomponent
alloys; miscibility gaps; multi-principal element alloys; MPEAs; complex concentrated alloys; CCAs

1. Introduction

1.1. Liquid Phase Separation

Liquid phase separation (LPS), a widely-observed phenomenon in metals, is related directly to
the Gibbs free energy of the system, and the most prevailing cases are often two distinct immiscible
liquids of varying compositions. Although there is often some degree of solubility between the alloying
elements in a metallic system exhibiting LPS, each liquid will have its own equilibrium vapor pressure,
such that the vapor pressures of both phases are the same, with a positive deviation from Raoult’s law.
When positive deviations from Raoult’s law are large, phase segregation tends to occur.

The occurrence of liquid phase separation in an alloy can lead to heterogeneous microstructures,
which may or may not be desirable depending on the intended application. For example, an alloy
exhibiting liquid phase separation would not be suited for use as a structural material due to
the heterogeneity of the microstructure; however, it may have potential use as a self-lubricating
bearing material, such as the case with Cu-Pb. There have been several comprehensive reviews of
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immiscible metal systems of common alloys about the phenomenon [1–5]. Therefore, the scope of this
review will focus particularly on the liquid phase separation in the high-entropy alloy (HEA), complex
concentrated alloy (CCA), and multi-principal element alloy (MPEA) systems.

1.2. Thermodynamics of Liquid Phase Separation

Factors such as positive deviations from Raoult’s law, positive heat of mixing, and atomic size
mismatch in some cases do not overcome the entropy term in the overall Gibbs free energy and cause
overall immiscibility in the liquid, as is the case of miscibility between Au-Bi [5]. B. Mott in the late
1950s put together a review of the immiscible liquid metal systems, as well as the corresponding
thermodynamic data for each material at the time. The immiscible alloys Mott compiled in the
study contained many of the known immiscible binary monotectic alloys of the time [1]. Nearly
ten years later, Mott compiled another review detailing the thermodynamics of these metal systems,
as well as provided models for predictions of immiscibility in metals [2].

In Table 1, we provide a non-exhaustive table of binary alloys with miscibility gaps in the
liquid state. The table expands the tables from Mott’s reviews [1,2] by adding immiscible alloys from
binary phase diagrams provided by the Centre for Research in Computational Thermochemistry using
the FactSage thermochemical software databases [6].

Table 1. Binary systems that contain a stable miscibility gap in the liquid state.

Ag-B Au-Ru Bi-V Ce-Cr Cs-Fe Fe-Na K-Mo Li-Tb Na-Y Sr-Tm
Ag-Co B-Ge Bi-Zn Ce-Eu Cu-K Fe-Pb K-Nd Li-Ti Na-Yb Sr-V
Ag-Cr B-Sn C-Cu Ce-K Cu-Mo Fe-Rb K-Ni Li-V Na-Zn Sr-Y
Ag-Fe Ba-Ce C-Sn Ce-Li Cu-Na Fe-Sn K-Pb Li-Yb Na-Zr Sr-Zr
Ag-Ir Ba-Cr Ca-Cd Ce-Mo Cu-Pb Fe-Sr K-Pm Li-Zr Nd-Sr Tb-Ti
Ag-K Ba-Fe Ca-Ce Ce-Na Cu-Ru Fe-Tl K-Pr Lu-Na Nd-Ti Tb-V
Ag-Mn Ba-Gd Ca-Cr Ce-Sr Cu-Se Ga-Hg K-Sc Lu-Sr Nd-V Te-Tl
Ag-Nb Ba-K Ca-Dy Ce-Ti Cu-Tl Ga-Pb K-Sm Lu-V Nd-Yb Th-U
Ag-Nb Ba-La Ca-Er Ce-U Cu-Tu Ga-Te K-Sr Lu-Yb Ni-Pb Ti-Yb
Ag-Ni Ba-Mn Ca-Fe Ce-V Cu-U Ga-Tl K-Tb Mg-Mn Ni-Sr Tl-Zn
Ag-Os Ba-Nd Ca-Gd Ce-Zr Cu-V Ge-Tl K-Ti Mg-Mo Ni-Tl Tm-V
Ag-Os Ba-Pm Ca-Ho Co-In Cu-W Gd-K K-Tm Mg-Na Pb-Se V-Y
Ag-Rh Ba-Pr Ca-K Co-K Cr-Pb Gd-Li K-V Mg-Nb Pb-Si V-Yb
Ag-Rh Ba-Ru Ca-La Co-Li Cr-Sn Gd-Mo K-Y Mg-Ru Pb-Zn W-Zn
Ag-Se Ba-Sc Ca-Lu Co-Pb Dy-K Gd-Na K-Yb Mg-Ru Pb-Zr
Ag-Ta Ba-Sm Ca-Mn Co-Tl Dy-Li Gd-Sr K-Zn Mg-Ta Pm-Sr
Ag-U Ba-Ti Ca-Na Cr-Dy Dy-Na Gd-Ti K-Zr Mg-Ti Pm-Ti
Ag-V Ba-Y Ca-Nd Cr-Er Dy-Sr Gd-V La-Li Mg-W Pm-V
Ag-W Ba-Zr Ca-Pm Cr-Eu Dy-Ti Gd-Yb La-Mn Mg-Zr Pr-Sr
Al-Bi Be-K Ca-Pr Cr-Gd Dy-V Hg-Nb La-Na Mn-Na Pr-Ti
Al-Cd Be-Li Ca-Ru Cr-K Er-K Hg-Si La-Sr Mn-Pb Pr-V
Al-In Be-Mg Ca-Sc Cr-La Er-K Hf-Mg La-Ti Mn-Sr Pr-Zr
Al-K Be-Na Ca-Sm Cr-Li Er-Na Ho-K La-V Mn-Tl Sc-V
Al-Na Be-Se Ca-Tb Cr-Mg Er-Sr Ho-Mo La-Zr Mn-Yb Sc-Sr
Al-Pb Be-Sn Ca-Ti Cr-Na Er-V Ho-Na Li-Cs Mo-Na Sc-V
Al-Tl Be-Sr Ca-Tm Cr-Nd Eu-Li Ho-Sr Li-Fe Na-Nd Se-Tl
As-Tl Be-Zn Ca-V Cr-Pb Eu-Mn Ho-Ti Li-K Na-Ni Si-Tl
Au-B Bi-Co Ca-Y Cr-Pm Eu-Na Ho-V Li-Na Na-Pm Sm-Sr
Au-Ir Bi-Cr Ca-W Cr-Pr Eu-T I In-Te Li-Nd Na-Pr Sm-Ti
Au-Mo Bi-Fe Ca-Zr Cr-Sm Eu-V In-V Li-Ni Na-Sc Sm-V
Au-Rh Bi-Ga Cd-Cr Cr-Sn Eu-Zr K-La Li-Pm Na-Sm Sn-V
Au-Rh Bi-Mn Cd-Fe Cr-Sr Fe-In K-Li Li-Pr Na-Tb Sn-W
Au-Se Bi-Rb Cd-Ga Cr-Tm Fe-K K-Lu Li-Rb Na-Ti Sn-Zr
Au-W Bi-Se Cd-K Cr-Y Fe-Li K-Mg Li-Sc Na-Tm Sr-Tb
Au-Ru Bi-Si Cd-Na Cr-Yb Fe-Mg K-Mn Li-Sm Na-V Sr-Ti
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The molar Gibbs free energy of a system of stable unmixed liquids is represented additively via
the atomic fraction of the free energies of the constituent liquids,

GL
A + B + C ... = ∑

i=A,B,C...
xiGL

i (1)

where xi = A,B,C... are the molar fractions of elements A, B, C, etc. The molar Gibbs free energy of
mixing is classically defined as,

ΔGmix = ΔHmix − TΔSmix (2)

where the entropy of mixing is given as,

ΔSmix = −R ∑
i

xi ln xi (3)

and the enthalpy of mixing is:

ΔHmix =
n

∑
i=1,i �=j

ΔHmix
xi ,xj

(4)

where ΔHmix
xi ,xj

is the interatomic interaction between concentrations of “i ” and “j” elements in the
system. Immiscible alloys typically have a positive value of ΔHmix, which implies a preference of
nearest neighbors of similar atoms as opposed to compound formation with different atoms. Many of
the immiscible binary systems can be categorized by their liquid state miscibility gaps and positive
enthalpy of mixing, ΔHmix, of which extensive thermodynamic treatments are presented in [3,5].

The region of a phase diagram where there is non-mixing of the constituents is defined as a
miscibility gap. The liquid miscibility gap in many of the monotectic binary systems assumes a
dome-like shape; the shape and location of which may shift with the addition of more alloying
elements. For example, one of the most well-studied ternary systems with a stable liquid miscibility
gap is the Co-Cu-Fe system [7–17], while with equiatomic additions of Cr and Ni, the CoCrCuFeNi
high-entropy alloy solidifies dendritically from a single-phase liquid, as observed by Yeh et al. in
2004 [18].

A generalized equilibrium monotectic phase diagram is presented in Figure 1, where the
miscibility gap in the liquid state is present as a dome with label L1 + L2. The size and width of
the immiscibility gap varies from system to system; however, the concept is the same. That is, cooling
the alloy system from a liquid state in the concentrations that fall within the miscibility gap will lead to
the liquid decomposing into two compositionally different liquids, the temperature of which is known
as the critical temperature (labeled Tc in Figure 1).

As the temperature decreases to T1 in Figure 1, the entropy term TΔS is smaller than the enthalpy
of mixing ΔHmix in the free energy of the system (Figure 2); therefore, the free energy of the liquid GL

with respect to concentration of the B element in A will also assume a dome shape, presented in Figure 1.
If the temperature T1 is held, the equilibrium phases will be L1, L1 + L2, or L2 dependent on composition
XB. Cooling the system through T2 until the monotectic temperature, T3, the monotectic reaction will
take place, and we will start to see α precipitate out of the liquid as L1 is no longer stable until we
reach T4, where the remaining equilibrium phases are the solidified α and liquid L2. Cooling through
the eutectic temperature at T5 to reach T6, we are ultimately left with (α + β) solid phases.

Due to the lack of experimental data for mixing enthalpies of many binary alloys, a model
for generating approximate mixing enthalpies was first developed by Miedema et al. in 1973 [19],
which uses the electron density at the Wigner–Seitz cell boundary and the chemical potential of
electronic charge of pure metals as input and can be written as ΔHmix = ∑n

i=1,i �=j ΔHmix
ci ,cj

. This model
was used by Takeuchi et al. in 2005 for the classification of bulk metallic glasses by atomic size
difference and heat of mixing [20] and later revisited by Takeuchi in 2010 [21] for mixing enthalpies of
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binary alloys, which includes an additional model for sub-regular solutions [22]. The ΔHmix of the
binary alloys from [21] serve as a starting point for many of the recent calculations of ΔHmix for HEAs,
MPEAs, and CCAs. Using the calculated binary mixing enthalpies (ΔHmix) from Takeuchi et al. [21],
ΔHmix, much of the values used for determining the mixing enthalpies for HEAs/CCAs/MPEAs
were calculated using Equation (4) where ΔHmix

xi ,xj
= 4Ω0ij xixj for the ith and jth elements at A0.50B0.50

concentrations from the tables in [21]. The values for ci and cj are the normalized atomic concentrations
in the multicomponent alloy.

Figure 1. Generalized equilibrium monotectic binary phase diagram.

Figure 2. Gibbs free energy corresponding to the monotectic phase diagram.
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1.3. Metastable Liquid Phase Separation

Unlike the stable liquid state immiscibility observed in the monotectic binary alloys, there are
certain cases where a completely miscible liquid alloy can de-mix in the presence of impurities or when
supercooled below the freezing temperature of the alloy, as demonstrated for Co-Cu and Cu-Fe by
Nakagawa in 1958 [23]. Since then, there has been an enormous amount of LPS studies on metastable
Co-Cu [8,15,16,24–34] and Cu-Fe [15,35–43], as well as the stable LPS that occurs in the combination of
all three elements in Co-Cu-Fe [7–17]. Metastable liquid phase separation is defined as the liquid phase
separation that occurs when undercooling an alloy such that it enters a miscibility gap that would not
have been observed if solidified via conventional methods, presented in the phase diagram from [25]
in Figure 3. These studies have shown that when undercooling past freezing, the single-phase alloy
liquid will then split into two liquids (L1 + L2), specifically in these cases, into Cu-rich and Cu-lean
liquids, which solidify often as spherical globules trapped in the frozen regions of the other liquid
(the microstructure of such will be discussed later). This metastable LPS implies that there exists a
dome shape similar to the monotectic alloys beneath the liquidus curves in their respective equilibrium
phase diagrams.

Figure 3. The Co-Cu phase diagram with the dashed line indicating the metastable liquid miscibility
gap beneath the liquidus curves.

1.4. High-Entropy Alloys

The discovery of the high-entropy alloys (HEAs) [18,44–48] has inspired an enormous
amount of research into multicomponent alloy design. Since their inception, there have been
numerous reviews [49–60] and several books [61–66] that summarize the state-of-the-art for the
materials community. These reviews compile and assess the microstructural developments, mechanical
properties, crystallography, and thermodynamics of the high-entropy, complex concentrated,
and multi-principal element alloy systems.
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Many of the ternary alloys that exhibit liquid phase separation contain Cu, as it has a low affinity
for mixing with other elements; however, there are a number of other non-Cu-containing ternary alloys
with liquid miscibility gaps as well. Table 2 is a non-exhaustive list of the studied ternary alloys with
liquid phase miscibility gaps, many of which contain Cu. As was the case with many binary alloys,
the ΔHmix of these systems are typically positive. One can think of the HEAs/CCAs/MPEAs as the
addition of alloying elements to preexisting ternary alloys, some of which may actually contain a
stable miscibility gap in the liquid, which is the case with CoCrCu [67] and many of the HEAs that
contain Co, Cr, and Cu in equal parts with respect to the other alloying elements in the HEA. It would
appear that the increase in the entropy of mixing ΔSmix with additional alloying elements stabilizes
the solution; however, this strongly depends on the enthalpy of mixing ΔHmix, as well as other factors
that determine miscibility [58].

Table 2. Ternary alloy systems that contain a stable liquid miscibility gap.

Ag-Al-Pb [6] Al-Mg-Mn [6]
Ag-Co-Pd [6] Au-Cu-Pb [6]
Ag-Cu-Fe [68] Au-In-Pb [6]
Ag-Cu-Mn [68] Au-In-Pb [6]
Ag-Cu-Ni [68] B-Cu-Fe [13,69]
Ag-Cu-Pb [68] Bi-Ga-Zn [6]
Ag-Cu-Se [68] Co-Cr-Cu [67,70–72]
Ag-Cu-Ti [68] Co-Cr-Nb [67]
Ag-Fe-Mn [6] Co-Cu-Fe [7–12,14–17,73]
Ag-Fe-Ni [6] Cr-Cu-Fe [11,74]
Ag-Nb-Ti [75] Cu-Fe-Mo [76]
Ag-Ni-Sn [6] Cu-Fe-Nb [76]
Al-Bi-Cu [77] Cu-Fe -Si [11,13]
Al-Bi-Sb [78] Cu-Fe-Sn [79]
Al-Bi-Sn [80–83] Cu-Fe-V [11]
Al-Cu-Sn [84] Cu-Ni-Pb [6]
Al-Ga-In [6] Fe-Si-Zn [6]
Al-Ga-Sn [6] Pb-Pd-Sn [6]

One of the first HEAs contained equal parts Co, Cr, Fe, Mn, and Ni, often written alphabetically
as CoCrFeMnNi and referred to as the “Cantor alloy” after the alloy’s inventor Brian Cantor [44].
Subsequent studies of the Cantor alloy involved substitution of various elements in place of the
original five equiatomic elements in the alloy. One of the most popular substitutions is often Cu for
Mn [18], as well as the addition of Al to create the widely-studied AlCoCrCuFeNi HEAs [85–87].
Since their inception, the majority of the high entropy alloys that are synthesized consist mostly of the
3D transition metals with other elements substituted intothe well-studied systems in the search for new
stable phases, mechanical properties, and reproducible microstructures [58]. There have been several
research papers that prescribe methodologies for computationally screening HEAs for those that are
likely to create single-phase solid solutions [88–96]. A useful criteria for HEA/CCA/MPEA research is
to know whether or not the combination of elements in a proposed HEA system will even mix in the
liquid phase, as LPS traditionally is an unwanted phenomena when designing new materials with the
goal of enhancing mechanical properties. If a single-phase liquid can be obtained from the proposed
combination of elements, then the solidification microstructures will result in more uniformity.

There is much debate as to what exactly constitutes a high-entropy alloy (HEA), complex
concentrated alloy (CCA), or multi-principal element alloy (MPEA). In essence, the core idea is
very similar behind each definition: multicomponent, “baseless” alloys greater than three elements
designed with the goal of surpassing the mechanical properties of traditional alloys. Whether or
not which composition will solidify into a single, duplex, or multiple phases is not what this review
is concerned with, but rather the observance of liquid phase separation in these multicomponent
alloy systems.
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Approximately 85% of HEAs in the literature to date are made up of predominantly 3D
transition metals, many of which contain Al [58]. As it is impossible to visualize the phase diagram
space of multicomponent alloy systems that contain 5+ elements, it can be difficult to know whether
these alloy systems will phase separate in the liquid. Many of the well-studied HEA systems, such as
CoCrCuFeNi for example [45], contain equiatomic CoCrCu, which has a very large liquid miscibility
gap [67,70].

2. Solidification Microstructures

2.1. Dendritic Microstructure

Alloy solidification morphology and as-cast microstructure can have many forms depending
on the solidification process. The most common microstructures of a solidified alloy can vary from
plane front solidification, dendritic morphology, and eutectic microstructures, among others. Many of
the solidification microstructures present in HEA literature consist of dendritic growth, which is
typically indicative of crystal growth from a liquid with an imposed thermal gradient, as is the case
with most arc-melting processes. Dendrites are solid tree-like, branching cellular structures that grow
from a liquid phase. The conglomeration of atoms during solidification typically forms a nucleus of
spherical shape, which then becomes unstable due to perturbations. The solid shape then begins to
express the preferred growth directions of the underlying crystal and consumes atoms from the overall
liquid to form a stable solidifying phase [97]. The liquid that is leftover after dendritic solidification
is referred to as the interdendritic liquid, which solidifies last, and is referred to as the interdendritic
region or interdendrite. The preferred dendritic growth directions for most cubic systems (FCC/BCC)
are in the <100> directions, which leads the secondary dendrite arms to grow perpendicular from
the primary arm. This is often an easy way to differentiate between the cubic and noncubic crystal
structure of the dendritic phase.

The typical dendritic microstructure of an electromagnetically-levitated and solidified alloy is
presented in Figure 4. The dendritic morphology usually indicates that the microstructure evolved
from a single-phase liquid if the dendritic morphology is uniform; however, if the alloy has a small
volume fraction of LPS, the remaining L2 globules may be pushed to the edge of the sample by
the growing dendrites. There have been cases where liquid phase separation has occurred in the
interdendritic liquid after the growth of primary dendrites [98,99]; however, the general morphology
of dendritic microstructures indicates that there was no large-scale liquid-liquid immiscibility between
the alloying elements.

Figure 4. Backscattered electron image of an as-cast AlMoNi alloy with a dendritic microstructure.
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Many HEAs/CCAs/MPEAs solidify with a duplex microstructure, where the dendritic and
interdendritic regions have large compositional and crystallographic differences [53,58–60,64]. These
have been shown to have interesting mechanical properties; however, they have yet to surpass the
mechanical properties of commercial alloys.

2.2. Microstructures Resulting from Liquid Phase Separation

Alloys that undergo either stable or metastable LPS also have very distinct microstructures that
can vary based on the solidification process. Slow cooling rates paired with a static environment can
lead to the liquids separating. If the system is a little more dynamic, such as in the case of casting,
the process can lead to trapping of the primary liquids in one another, referred to as emulsion (Figure 5).
The separated liquids tend to be trapped as spherical globules inside the other liquid, and solidify
as such, as is the case of the equiatomic CoCrCu alloy presented in Figure 6. As these liquids can be
slightly different in composition than the primary liquid, they are referred to as secondary liquids.
Based on morphology alone, one can distinguish the first phase to solidify from the interface between
the the two liquids, as the higher melting point liquid will solidify at a higher temperature and will
most of the time solidify with protrusions into the other liquid, as is the case with the solidification of
CoCrCu presented in Figure 7. The backscattered electron images in Figures 6 and 7 display emulsion
of the lighter (Cu-rich) and darker (CoCr-rich) liquids, as well as small protrusions coming from the
CoCr-rich secondary liquid in Figure 7.

There have been several efforts to create uniform microstructures of immiscible liquid melts,
such that the LPS is evenly distributed. These techniques include free directional and directional
solidification [100], rheomixing [101], microgravity experiments [28,102,103], electromagnetic levitation
processing [40], and rapid solidification [104]. Much of this work is aimed at the tailoring of the
immiscible liquid droplets such that the microstructure has a uniform spread of the immiscible
phase [3]. There have also been experiments aimed at the suppression of LPS with additional alloying
elements [105].

Figure 5. SEM image of liquid phase separation and emulsion of two immiscible liquids L1 and L2 in
an undercooled CoCuFe alloy. Image presented with permission from the authors in [16].
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Figure 6. Backscattered electron image displaying emulsion of CoCr-rich (darker) and Cu-rich (lighter)
liquids in an as-cast alloy of CoCrCu.

Figure 7. Backscattered electron image displaying emulsion and protrusions of the CoCr-rich (darker)
phase into the Cu-rich (lighter) phase in an as-cast alloy of CoCrCu.

Traditionally, observing LPS in metallic systems was done via post-mortem analysis via
metallography and microscopy, as metals are not transparent to light and have a very small
transparency for X-rays. Recently, through the use of neutron transmission imaging techniques,
the direct observation of liquid phase separation in metals was made possible via neutron radiographs
taken during heating and cooling of immiscible CoCrCu alloys [72]. These experiments show for the
first time an in situ observation of macroscopic LPS in metals and can be applied to any metallic system
such that the neutron transmission through the each phase can provide enough contrast between
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them. Figure 8 displays neutron radiographs of two stacked CoCrCu arc-melted buttons in a small
Al2O3 crucible with an inner diameter of 8 mm. Prior to the in situ testing, the arc-melted CoCrCu
buttons underwent stable LPS and solidified with very heterogeneous Cu-rich and Cu-depleted regions,
as presented in Figure 9. The resulting as-cast button consists of a non-uniform mix of the two solidified
Cu-rich and Cu-depleted phases and can be seen as the lighter (Cu-rich) and darker (Cu-depleted)
regions in Figure 8a. During melting (Figure 8b–d), the two liquid phases separate and stack according
to density (Cu being the lighter contrast, more dense liquid phase). Note that the solid Cu-rich and
CoCr-rich phases were already separated in the arc-melted buttons, but at a finer scale. The stable
liquid phases then agglomerated and separated at the macro-scale. A full sequence of images in the
form of a movie can be found in [72].

Figure 8. Melting and liquid phase separation of stacked CoCrCu samples. (a) During initial heating,
the two as-cast buttons are intact; (b) the Cu-rich phase melts first between 1075 and 1100 °C and
(c) pools at the bottom of the crucible; (d) the Cu-lean phase fully melts upon heating to 1500 °C and
stacks based on density due to the influence of gravity. Images displayed with permission from the
authors in [72].

Figure 9. Neutron radiograph of two stacked arc-melted CoCrCu buttons in an alumina crucible
with brighter regions corresponding to Cu-rich phases and darker regions corresponding to
CoCr-rich phases. Image displayed with permission from the authors in [72].
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3. High-Entropy Alloys Exhibiting Liquid Phase Separation

3.1. HEAs Containing Cu

The first occurrence of LPS in HEAs was observed by Hsu et al. in 2007 with a study of the
alloying behavior of AlCoCrCuNi-based HEAs with additions of Fe, Ag, and Au [106]. The addition
of Ag to the AlCoCrCuNi HEA to create AgAlCoCrCuNi was found to phase separate in the liquid,
which resulted in the solidification microstructure consisting of Cu-rich globules embedded in
Cu-depleted phases, contrary to the typical dendritic solidification microstructures observed for
AlCoCrCuNi. Hsu suggested that in order to achieve effective mixing in the liquid, the ΔHmix for
atom pairs should not exceed 10 kJ/mol and that “mutual interaction between elements, based on
their mixing enthalpies, should be taken into account when designing high-entropy alloys” [106].

These alloys were then revisited by Munitz et al. in 2013 where AgAlCoCrCuNi and
AgAlCoCrCuFeNi were synthesized to study the melt separation behavior [107]. It was observed that
the Cu-rich immiscible liquid tended to flow to the bottom of the buttons during arc-melting, as well as
residual Cu-rich liquid being trapped in the interdendritic region of the Cu-depleted dendritic phase.
Undercooling experiments were also carried out for a similar alloy of Al1.8CoCrCu3.5FeNi; however, no
metastable liquid miscibility gap was found at the undercoolings obtained in the study (∼150 K) [107].

A similar alloy composition of AlCoCrCuFeNiSi0.5 doped with Y2O3 was synthesized via laser
cladding with the intention to form a core-shell structure in HEAs, inspired by the LPS observed in
HEAs and binary monotectics. The undoped AlCoCrCuFeNiSi0.5 did not undergo LPS, while the
addition of 1 wt.% nanosized Y2O3 caused the liquids to separate into egg-like globules of Cu-rich
liquids inside the Cu-depleted liquid [108].

Recent studies into Co-free Al2.2CrCuFeNi2 revealed what the authors referred to as anomalous
“sunflower-like” solidification microstructures [109], where it was suggested that LPS occurs in
the no longer stable-depleted interdendritic liquid, occurring due to changes in the composition.
Munitz et al. suggested that the liquid phase separation is due to constitutional changes and not
temperature changes, where the authors referred to this phenomena as “constitutional LPS” (CLPS) [99].
For the Al2.2CrCuFeNi2 alloy, constitutional LPS occurred in the interdendritic liquid, where the
interdendritic liquid decomposed into a CrFe-rich L1 and a Cu-rich L2. As the dendritic skeleton
was already formed, the heavier Cu-rich liquid accumulated in the interdendritic region and the cast
bottom, while the CrFe-rich spheres underwent solidification emulsified in the Cu-rich liquid.

A large study of several HEAs by Munitz et al. in 2017 was undertaken to explore the effects
of Al, Co, Cr, Ni, Ti, and V on the miscibility gap temperature of several HEA systems. It was
shown that Al, Co, Ni, and Ti lowered the miscibility gap temperature, while Cr, V, and Nb raised
the miscibility gap temperature and increased LPS in these systems, the alloys of which are found
in Table 3. Many of the HEAs studied by Munitz et al. contained equiatomic CoCrCu, which was
experimentally determined to have a large liquid miscibility gap [67]. It is peculiar that systems
such as CoCrCuFeNi will solidify dendritically [18], while similar alloys of CoCrCu [67,71,72] and
CoCuFe [7–12,14–17,73] have been shown to have large liquid miscibility gaps. A recent study by
Derimow et al. investigated the solidification microstructures of equiatomic CoCrCu with added
Fe, Mn, Ni, V, FeMn, FeNi, FeV, MnNi, MnV, and NiV to the composition. It was found that only
three of the alloys solidified dendritically (CoCrCuNi, CoCrCuFeNi, and CoCrCuMnNi), while the
remaining combinations underwent stable LPS [71]. Derimow et al. also suggested that the positive
mixing enthalpy of each of the systems was responsible for the LPS and presented a tree diagram
for approximating the likelihood of which elements will cluster together in the melt, presented in
Figure 10.

The tree diagram in Figure 10 indicates that AB atoms are more likely to cluster than ABC, AC,
or BC, thereby rejecting the C element. This can be seen in case of the ternary CoCrCu, where the
LPS consists of CoCr-rich and Cu-rich liquids [67,71] and solidifies with the microstructure shown in
Figure 6.
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ABC = + ΔH

AB = – ΔH AC = + ΔH BC = + ΔH

Figure 10. Tree diagram representing the probability of clustering based on the mixing enthalpies of
binary combinations of elements ABC.

Table 3 compiles the multicomponent alloys found in the literature that have been shown to
undergo LPS. Each of these systems have a solidification morphology similar to the microstructure
presented in Figure 6. From this table, the common component in all but one of these systems
is equiatomic Cu. This is in part due to the positive mixing enthalpy Cu has with many of the
alloying elements in the system. It should be noted that although Ni appears to promote miscibility
in Cu-containing HEAs, this may be ineffective if the repulsion between Cu and the majority of the
alloying elements is too great.

Table 3. Multicomponent alloy systems with reported liquid miscibility gaps.

System Classification Type of LPS Ref.

Ag-Al-Co-Cr-Cu-Fe-Ni HEA Stable [107]
Ag-Al-Co-Cr-Cu-Ni HEA Stable [106,107]

Al-Co-Ce-La-Zr Bulk Metallic Glass Stable/Metastable [110]
Al0.5-Co-Cr-Cu-Fe-V HEA Stable [111]

Al-Cr-Cu-Fe-Ni HEA Stable [99]
Al-Cu-La-Ni-Zr Bulk Metallic Glass Stable [112]

B-Cu-Fe-P-Si Fe-Cu-alloy Stable [113]
Co-Cr-Cu-Fe HEA Stable [71,111]

Co-Cr-Cu-Fe-Mn HEA Stable [71]
Co-Cr-Cu-Fe-Mo-Ni HEA Stable [114]

Co-Cr-Cu-Fe-Ni HEA Metastable [115–118]
Co-Cr-Cu-Fe-Ni-Nb HEA Stable [111]
Co-Cr-Cu-Fe-Ti-V HEA Stable [111]

Co-Cr-Cu-Fe-V HEA Stable [71,111]
Co-Cr-Cu-Mn HEA Stable [71]

Co-Cr-Cu-Mn-V HEA Stable [71]
Co-Cr-Cu-Ni-V HEA Stable [71]

Co-Cr-Cu-V HEA Stable [71]
Cr-Cu-Fe-Mn-V HEA Stable [111]
Cr-Cu-Fe-Mo-Ni HEA Stable [119]

Cr-Cu-Fe -Ni Cu-alloy Stable/Metastable [7]

3.2. CoCrCuFeNi

One of the seminal HEAs synthesized by Yeh et al. was the CoCrCuFeNi HEA [18]. Along with
the Cantor alloy (CoCrFeMnNi) [44], these alloys served as many starting points for the addition and
subtraction of alloying elements. The first study to note the liquid phase separation in HEAs in a
similar composition of AgAlCoCrCuNi attributed the presence of LPS to the positive mixing enthalpies
between Ag and the rest of the alloying elements [106].

An induction melting study by Wu et al. involving CoCrCuFeNi demonstrated the first
occurrences of LPS in this alloy [116]. In Wu’s study, several combinations of the CoCrCuFeNi alloy
with varied Fe and Ni were studied to investigate the effects on the microstructure and crystallography
of the system. When Fe and Ni were varied to create CoCrCuFe0.5Ni and CoCrCuFeNi0.5,
spherical Cu-rich separations were observed by post-mortem analysis of the solidified samples [116].
The authors rationalized that the two alloy compositions with positive mixing enthalpies were too
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great to be overcome by the entropy of the system, which would thereby lower the overall Gibbs
energy of the system in the molten state.

Previous studies of supercooling and rapid solidification via electromagnetic levitation melting
by Elder et al. characterized large undercoolings of 150 K for Cu-Fe and 75 K for Co-Cu that produce
the LPS microstructures for these metastable alloys [120]. Elder et al. listed several techniques to
achieve high undercoolings such as melt emulsification, melting in molten slag or fused silica (glass
fluxing), free fall in a drop tube, and electromagnetic levitation techniques to achieve undercooled
temperatures [120]. Using the molten fused silica technique, rapid solidification studies of CoCrCuFeNi
by Liu et al. were carried out to investigate rapid solidification effects on the microstructure and phase
stability of CoCrCuFexNi HEAs (where x = 1, 1.5, and 2.0) [115]. It was found that LPS occurred in
all three compositions below the critical undercooling temperature, ΔTcrit, where ΔTx=1.0

crit = 160 K,
ΔTx=1.5

crit = 190 K, and ΔTx=2.0
crit = 293 K. When ΔT > ΔTcrit, the microstructure is consistent with that

of LPS, such that there were Cu-rich spheres present throughout the material. Due to the dendritic
solidification behavior of CoCrCuFeNi through regular solidification routes [18], this alloy is classified
as having a metastable liquid phase miscibility gap that is present when undercooled past ΔTcrit [115].
The metastable liquid miscibility gap was also confirmed by Wang et al. for CoCrCuFeNi, where
the authors also achieved an exceptionally high degree of undercooling of 381 K (0.23Tm) for the
alloy [117]. The ΔTcrit for equiatomic CoCrCuFeNi was also studied by Guo et al., and it was found
that metastable LPS occurs when ΔT > ΔTcrit = 100 K [118]. The authors also show that the yield
strength and elongation of equiatomic CoCrCuFeNi significantly decrease when the alloy undergoes
liquid phase separation due to the non-uniformity of the resultant microstructure [118].

Recently, Wang et al. showed that with the addition of 3 at.% Sn to CoCrCuFeNi, the alloy
undergoes the same characteristic liquid phase separation when undercooled past ΔTcrit = 100 K [121].
The study showed that the LPS produced an increase in hardness of the Cu-depleted phases due to the
separation of Cu and Sn in the liquid [121].

Previous studies on similar alloys have shown that Mo improves the strength in the AlCoCrFeNi
and AlCoCrCuFeNi HEAs [122–124]. However, it has been shown that with varied Cu concentrations
in CoCrCuxFeMoNi where x ≥ 0.5, LPS occurs in a similar fashion to the other Cu-containing
HEAs [114]. The addition of Mo to the CoCrCuFeNi alloy was investigated by Wu et al. to elucidate the
solidification process in these alloys, as there had been a lack of thorough studies on the solidification
microstructures of these alloys [114]. Due to the Cu-rich sphere emulsion in Cu-depleted phases,
likely due to the positive mixing enthalpy between Cu and the remaining alloying elements, Wu et al.
suggested that the ΔHmix criteria for the prediction of single phase formation be amended to include
the possibility of liquid phase separation in the liquid when ΔHmix > 0. In order to further study
the Mo-containing HEAs, Peng et al. synthesized a Co-depleted CrCuxFeMoyNi HEA to further
elucidate the effects of the large positive ΔHmix between Cu and Mo on the solidification process and
microstructure. It was found that Cu-rich and Cu-depleted LPS occurs in the CrCuxFeMoyNi when x
and y = 0.5 and 1, attributed to ΔHmix > 0 for these alloy combinations [119].

4. Closing

The field of high-entropy alloys, complex concentrated alloys, and multi-principal element alloys
continues to grow, with new studies producing valuable insights for the materials community with
the overarching goal of creating new alloys that exceed the properties of conventional materials.
This relatively new class of material is not much different from the conventional alloys, being that they
are still subject to the same thermodynamic rules that are imposed on them. The main caveats are
that with the increase of alloying elements, orthogonal element phase diagram visualization becomes
impossible; therefore, creative ideas are warranted to help understand the nature of the solidification of
these alloys. Positive mixing enthalpy, if not compensated by the entropy of mixing, will cause liquid
phase separation. It appears that Co, Ni, and Ti promote miscibility in multicomponent alloys, while Cr,
V, and Nb will raise the miscibility gap temperature and increase LPS. Moreover, for equiatomic
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CoCrCu, which has a large liquid miscibility gap, the addition of appropriate amounts of Ni eliminates
immiscibility. The indication of such an example is the CoCrCuFeNi alloy, which will solidify
dendritically, while similar alloys of CoCrCu and CoCuFe show strong immiscibility. Moreover, when
Fe, Mn, Ni, V, FeMn, FeNi, FeV, MnNi, MnV, and NiV are added to to equiatomic CoCrCu, only three
of the alloys solidify dendritically (CoCrCuNi, CoCrCuFeNi, and CoCrCuMnNi), while the remaining
combinations undergo stable LPS. In the case of CoCrCuNiV, it appears that the addition of Ni in
equiatomic amounts was not enough to overcome the positive mixing enthalpy interaction between
Cu and V, as the CoCrCuV alloy also exhibits stable LPS. From the table of listed multicomponent
alloys that undergo LPS, Cu is found in all but one of these combinations, which indicates that Cu
containing HEAs may contain a metastable liquid miscibility gap such as the case with CoCrCuFeNi.
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Abstract: Configuration entropy is believed to stabilize disordered solid solution phases in
multicomponent systems at elevated temperatures over intermetallic compounds by lowering the
Gibbs free energy. Traditionally, the increment of configuration entropy with temperature was
computed by time-consuming thermodynamic integration methods. In this work, a new formalism
based on a hybrid combination of the Cluster Expansion (CE) Hamiltonian and Monte Carlo
simulations is developed to predict the configuration entropy as a function of temperature from
multi-body cluster probability in a multi-component system with arbitrary average composition.
The multi-body probabilities are worked out by explicit inversion and direct product of a matrix
formulation within orthonomal sets of point functions in the clusters obtained from symmetry
independent correlation functions. The matrix quantities are determined from semi canonical Monte
Carlo simulations with Effective Cluster Interactions (ECIs) derived from Density Functional Theory
(DFT) calculations. The formalism is applied to analyze the 4-body cluster probabilities for the
quaternary system Cr-Fe-Mn-Ni as a function of temperature and alloy concentration. It is shown
that, for two specific compositions (Cr25Fe25Mn25Ni25 and Cr18Fe27Mn27Ni28), the high value of
probabilities for Cr-Fe-Fe-Fe and Mn-Mn-Ni-Ni are strongly correlated with the presence of the
ordered phases L12-CrFe3 and L10-MnNi, respectively. These results are in an excellent agreement
with predictions of these ground state structures by ab initio calculations. The general formalism is
used to investigate the configuration entropy as a function of temperature and for 285 different alloy
compositions. It is found that our matrix formulation of cluster probabilities provides an efficient tool
to compute configuration entropy in multi-component alloys in a comparison with the result obtained
by the thermodynamic integration method. At high temperatures, it is shown that many-body cluster
correlations still play an important role in understanding the configuration entropy before reaching
the solid solution limit of high-entroy alloys (HEAs).

Keywords: multicomponent; ab initio; configuration entropy; matrix formulation; cluster expansion;
cluster variation method; monte carlo; thermodynamic integration
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1. Introduction

Multicomponent systems, called High Entropy Alloys (HEAs), are crystalline solids that form
predominantly in a single phase. These systems were brought to wider attention through the work
of Cantor et al. [1] and Yeh et al. [2]. At or near equiatomic ratio of compositions, the configuration
entropy is maximized and given by the formula Scon f ig/R = lnK where R is the ideal gas constant, and
K is the total number of different components. It has been proposed to define K = 4 as the minimum
number of components at or near equiatomic composition for these systems to be called HEAs [3–5].

There are various sources of entropy in a system in addition to configuration entropy including
vibration, electronic and magnetic contributions. The co-existence of multiple phases in the equilibrium
state of a chemical system with a given overall composition at a specified temperature is found by
minimizing the Gibbs free energy of the whole system. When the system undergoes a phase transition
of either order-disorder or spinodal decomposition, the relative differences of configurational entropy
are dominant in comparison to those contributions from vibration and magnetic terms in FeCoCrNi [6]
where the relative difference of configuration entropy dominates or is of similar magnitude to vibration
entropy. These multicomponent alloys have transition metals Co, Cr, Fe, and Ni that exhibit magnetic
behavior and have magnetic phase transitions characterized by Curie temperatures sensitive to
concentrations [7].

In general, the formulation of configuration entropy given by the expression Scon f ig/R = lnK
only holds for disordered alloys with equiatomic composition at temperatures near their melting point.
On the other hand, at low temperatures, the lowest free energy structures can be ordered intermetallic
phases or partially ordered structures. In the intermediate temperature range, there exists short range
order, which is related to the nature of the chemical environment of each atomic species, containing
ordering or segregation preferences specially at low temperatures, because random disordering is
favored at the high temperatures. The importance of short-range order (SRO) was manifested in diffuse
X-ray scattering measurements of alloys containing ordered superstructure domains. The SRO effect is
also seen to significantly affect electrical resistivity properties [8,9], and to influence the alloy strength
by hindering dislocation motion [10] in concentrated alloys. Recently, it has been demonstrated how
short-range order can be predicted from ab initio based Hamiltonian in combination with Monte
Carlo simulations [11] in multi-component Mo-Nb-Ta-V-W systems. The study predicted that a strong
SRO parameter may lead to the formation of Mo-Ta ordering in the B2 structure after quenching
down from temperatures as high as 3000 K. HEAs such as Al1.3CoCrCuFeNi have been reported to be
susceptible to complex phase transitions including segregation, precipitation, chemical ordering and
spinodal decomposition into a complex microstructure containing regions of Body-Centered Cubic
(BCC), Face-Centered Cubic (FCC) and B2 phases [12]. Physical models have been successfully applied
to predict the formation of these phases on the basis of the average number of valence electrons [13].

The prediction of equilibrium thermodynamic properties (free energies, and phase diagrams) is
one of the goals of computational materials science. Lattice statistical models involving an Ising-like
Hamiltonian developed from ab initio enthalpies of mixing have become an important tool in the
computation of the thermodynamic properties of alloy systems. In particular, the cluster expansion
method [14–16] expands the Hamiltonian into contributions from an optimized set of clusters,
each term weighted by Effective Cluster Interactions. The thermodynamic properties at temperature are
obtained from the ECIs by computing the free energies from semi-canonical Monte Carlo simulations
in combination with the thermodynamic integration technique [17].

The Cluster Variation Method (CVM) formalism [18,19] expresses the free energy in terms of
enthalpies of mixing and configuration entropies as a function of the temperature dependence for
a specific set of clusters by minimizing the free energy from variational principles. The correlation
function parameters in terms of which configuration entropy and enthalpy of mixing are expressed
grow exponentially with component number K and size of the maximal cluster ω. Due to this, the
CVM has been commonly applied to clusters consisting of four sites in a regular tetrahedron or the
so-called tetrahedron-octahedron in the FCC lattice [20,21], or the four sites in a irregular tetrahedron
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in the BCC lattice [22]. Within the tetrahedron approximation, the CVM calculations for the FCC
involve the empty lattice, isolated points, first nearest neighbor pair, triangle and tetrahedron [20]. It is
generally accepted that the integrated Monte Carlo method is more accurate, but the calculations are
time consuming due to the need for many passes to obtain free energies at any given temperature
from the disordered high temperature configuration. A hybrid approach taking the Monte Carlo
calculated correlation functions at temperature and computing the configuration entropy value from
analytic CVM expression has been used in a binary FCC lattice model [23]. It is shown that accurate
free energies can be obtained for ordered and disordered phases at arbitrary chemical concentration
and temperature without thermodynamic integration provided that use is made of high-order CVM
entropy expressions. However, the clusters optimized from the Cluster Expansion (CE) method
reported in the literature do not often match those used for the CVM. More importantly, calculations
of the configuration entropy for multi-component systems represent a very serious challenge for
computational materials science. In this work, we close this gap by developing a new methodology
based on matrix formulation to calculate analytically the cluster probabilities for arbitrary K-component
alloys from the correlation functions obtained by the hybrid Monte Carlo and CE Hamiltonian. We
apply our method to the FCC four-component CrFeMnNi system for investigating configuration
entropy as a function of temperature and alloy composition. Two specific compositions are chosen
to illustrate the importance of many-body cluster probability functions in multi-component systems.
The first one is equatomic composition Cr25Fe25Mn25Ni25, which is of a great interest for the HEA
community. The second one is Cr18Fe27Mn27Ni28 which has been used recently to design radiation
tolerant materials for advanced nuclear reactor systems. This alloy has been studied in preference
to Cantor’s one [1] due to the removal of Co, which can cause activation by transmutation of 60Co
isotope in nuclear reactors [24].

This paper is organized as follows. In Section 2, a new matrix formulation for a K-component
system based on the orthonormal sets of cluster expansion initially introduced within the Alloy
Theoretic Automated Toolkit (ATAT) program [15,16] is presented. This formulation provides a
rigorous link of cluster correlation functions obtained from Monte Carlo simulations with multi-body
probabilities. Notation is developed to treat as general as possible arbitrary cluster sizes, ω, number of
components, K, and temperature. In Section 3, the hybrid method is illustrated to calculate 4-body
cluster probabilities as a function of temperature for the two specific compositions of equiatomic
Cr25Fe25Mn25Ni25 and also the composition Cr18Fe27Mn27Ni18 from [24]. Here, the connection with
the tetrahedron approximation in CVM is discussed due to the presence of a first nearest-neighbor
4-body cluster interaction within the investigated CE Hamiltonian. In Section 4, configuration entropy
is discussed at two temperatures 1000 and 3000 K for different cluster decorations obtained from the
CE method and compared with the integrated Monte Carlo results. The changes in configuration
entropy are attributed to the presence of ordered phases that are more stable at low temperatures and
the complementary tendency towards disordered random solution of the alloy at the given average
composition. The main conclusions of this work are given in Section 5.

2. Methods

2.1. Matrix Formulation of Cluster Expansion

Let us consider an alloy system with arbitrary number, K, of components and crystalline lattice
symmetry, in which the disordered phase is described by space group, G. The CE Hamiltonian
at T = 0 K of the alloy can be found from enthalpies of mixing, ΔHMixing

DFT [�σ], of derivative alloy
structures [16,25] denoted by varying length arrays of spin-like variables�σi taking values from 0 to
K − 1. In general, a derivative structure of the alloy has non-zero atomic concentrations for each of
p = 1, ..., K different chemical elements forming it i.e., x[�σ]p �= 0. For each member structure, the
reference energy in the calculation of the enthalpy of mixing is the pure element total energy, Etotal [p],
with the same crystallographic symmetry. The alloy enthalpy of mixing is defined as follows:
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ΔHMixing
DFT [�σ ≡ {σ1, σ2, · · · }] = Etotal [�σ ≡ {σ1, σ2, · · · }]− ∑

p=1,...,K
xp[�σ ≡ {σ1, σ2, · · · }]Etotal [p]. (1)

The enthalpies of mixing are calculated from the total energies Etotal [�σ] and Etotal [p] of the alloy
and the pure element systems, respectively, by density functional theory for the underlying lattice.
In the CE, the ΔHmixing

DFT [�σ] of an arbitrary structure �σ is expanded into a sum of reference clusters,

ΔHMixing
CE [�σ] and can be written in the following formula [15–17]:

ΔHMixing
CE [�σ ≡ {σ1, σ2, · · · }] = ∑

ω,n,(s)
m(s)

ω,n J(s)ω,n〈Γ(s′)
ω′ ,n′ [�σ ≡ {σ1, σ2, · · · }]〉

ω,n,(s)
. (2)

In Equation (2), each reference cluster is characterized by three labels ω, n and (s). The label ω

denotes the total number sites; n is an auxiliary label that refers to highest order coordination shell
contained in the reference cluster; and finally the label (s) = (j1, j2, · · · , jω) denotes decoration of the
cluster by point functions with dimension equal to ω and ji taking values 0, ..., K − 1. For each reference
cluster, there is an associated effective cluster interaction J(s)ω,n, and multiplicity per lattice site, m(s)

ω,n.

The term 〈Γ(s′)
ω′ ,n′ [�σ]〉ω,n,(s)

used in the definition of enthalpy of mixing in Equation (2) is the thermally

averaged cluster correlation function over all clusters ω′, n′, (s′) which are equivalent to a space group
symmetry element of the disordered phase within the reference decorated cluster defined by ω, n, (s).
Overall, the triple product of multiplicity, ECI and correlation function, m(s)

ω,n J(s)ω,n〈Γ(s′)
ω′ ,n′ [�σ]〉ω,n,(s)

gives

the energetic contribution per lattice site of the reference cluster ω, n and (s) to the enthalpy of mixing
of the particular structure configuration given by�σ.

For multicomponent systems, the choice of a set of basis functions is important for the matrix
formulation of the CE method [14]. The simplest set consists of the successive K − 1 powers of
the pseudo-spin configuration variable {σ} as was originally suggested by Taggart [26]. In this
work, the correlation function is defined as the product of point functions initially proposed in the
ATAT program [15,16]. Configurational average of the correlation functions is then given by the
following formula:

〈Γ(s′)
ω′ ,n′ [�σ]〉ω,n,(s)

= 〈γj1,K[σ1]γj2,K[σ2] · · · γjω ,K[σω ]〉

=
1

Ω[ω, n] ∑
Ω[ω,n]
u=1 γj1,K[σ−−−→(ω,n)u1

]γj2,K[σ−−−→(ω,n)u2

] · · · γjω ,K[σ−−−→(ω,n)uω

],

(3)

where the point function is written as:

γj,K[σi] =

⎧⎪⎪⎨
⎪⎪⎩

1, if j = 0 ,

− cos
(

2π� j
2� σi

K

)
, if j > 0 and odd,

− sin
(

2π� j
2� σi

K

)
, if j > 0 and even,

(4)

In Equation (3), the correlation function of the system is averaged over the arbitrary
crystal structure of the alloy system with configuration �σ over all the set of Ω[ω, n] clusters,

{←−−→
(ω, n)u}u=1,2,··· ,Ω[ω,n] where each cluster labeled by u contains ω sites, each site denoted by

the vector,
−−−→
(ω, n)ui

. The i-union of the ω vectors,
−−−→
(ω, n)ui

, composes the cluster of vectors,(−−−→
(ω, n)u1

,
−−−→
(ω, n)u2

, · · · ,
−−−→
(ω, n)uω

)
≡ ←−−→

(ω, n)u. The u1, u2, · · · , uω are numeric labels referring to the
values taken by variable u in Equation (3) that serve to enumerate the vectors making up the u cluster

of vectors {←−−→
(ω, n)u}. The clusters

←−−→
(ω, n)u are symmetrically equivalent to the reference cluster (ω, n)

sites by a symmetry operation and are enumerated by an index taking values 1, 2, · · · , Ω[ω, n]. Ω[ω, n]
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is defined as the number of times the reference cluster (ω, n) is contained in a structural configuration

which can be obtained from Monte Carlo simulation. The sites in the cluster {←−−→
(ω, n)u} can allocate

all of the possible decoration values ∈ (s) which we express as (s) = (j1, j2, · · · , jω). These integer
indexes corresponding to the decorated cluster are parameters for the point functions in Equation (4).

For an arbitrary ω-sites cluster and K components, the number of ω-tuples formed with integer
entries running from 0 · · · K − 1 can be calculated. For ω = 2, the formula calculates the number of

symmetrically unique decorations (s) for a two-point cluster 〈Γ(s′)
ω′ ,n′ [�σ]〉ω=2,n,(s)

and K component alloy

system reduces to (K + 1)K/2 [11], where K is the number of components. For higher order clusters,
the total number of decorations depend on the cluster coordinates and the space group symmetry
G of the high temperature disordered phase i.e., FCC or BCC and can not be simply expressed in

terms of K (in general there could be less than (ω+K−1
K−1 ) =

(ω + K − 1)!
(K − 1)!(ω)!

number of symmetrically

unique correlation functions). ATAT [15,16] numerically works out all the number of symmetrically
unique decorated clusters ω′, n′, (s′) equivalent to ω, n, (s) and uses one correlation function per

set of equivalent decorated clusters 〈Γ(s′)
ω′ ,n′ [�σ]〉ω,n,(s)

. For convenience in notation, from now on, we

will use 〈Γ(s)
ω,n[�σ]〉 = 〈Γ(s′)

ω′ ,n′ [�σ]〉ω,n,(s)
. In general, two decorations (s) and (s′) are symmetrically

equivalent if there is at least one element in the space group symmetry g ∈ G that transforms the
sites {�τ1, �τ2, · · · , �τω} ⊂ (ω, n) into {�τg[1],�τg[2], · · · ,�τg[ω]} ⊂ (ω, n) as the permutation connecting the
decorations (s) = (1, 2, · · · , ω) ⊂ {(s)(ω,n)} and (s′) = (g[1], g[2], · · · g[ω]) ⊂ {(s)(ω,n)}. This is given
by the following equation:

g{�τ1, �τ2, · · · , �τω} = {�τg[1],�τg[2], · · · ,�τg[ω]}. (5)

With the symmetry relations between decorations (s) and (s′) in any given cluster, we are able
to retrieve all Kω possible ω-tuples from the set of unique symmetries corresponding to an ω cluster.
The point functions γj,K[σi] used to define the general correlation functions are related to the multi-body
cluster probabilities (see below in Equation (9)) by direct products of a linear transformation [27], τK

(τK)ji ≡ γj,K[σi], (6)

where the new matrix τ is constructed from these point functions,γj,K[σi]. It can be trivially shown
that the inverse of Van der Monde matrices with complex entries equal to roots of unity is its complex
conjugate. The inverse of the τK matrix can be obtained from the complex conjugate matrix of τK by
taking the real and imaginary part and riffling their rows. From Equation (4), the following expression
results for a system with K components:

(τ−1
K )ij =

⎧⎪⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎪⎩

1
K , if j = 0 ,

− 2
K cos

(
2π� j

2� σi
K

)
, if j > 0 and j − 1 < K and j odd,

− 2
K sin

(
2π� j

2� σi
K

)
, if j > 0 and j even,

− 1
K cos

(
2π� j

2� σi
K

)
, if j − 1 = K and j odd.

(7)

To the best of our knowledge, Equation (7) represents a new formulation for the inverse of τK
matrix to ensure that the basis set defined by Equation (4) is rigorously orthonormal. The size of
τK matrix is KxK, where K is the number of components. It is convenient to perform the matrix
multiplications with all Kω decorations formed from ω-tuples with integer elements running from 0
to K − 1. In particular, for the case of four component K = 4, these matrices τ become by applying
Equations (4) and (7) for the inverse τ−1

K :
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τ4 =

⎛
⎜⎜⎜⎝

1 1 1 1
−1 0 1 0

0 −1 0 1
−1 1 −1 1

⎞
⎟⎟⎟⎠ τ−1

4 =
1
4

⎛
⎜⎜⎜⎝

1 −2 0 −1
1 0 −2 1
1 2 0 −1
1 0 2 1

⎞
⎟⎟⎟⎠ . (8)

We duplicate the symmetrically unique decorations (s) whenever two decorations are connected by
symmetry of the disordered structure. For relating two equivalent decorations, we find it convenient to
use a permutation representation of the space group operator as permutations of ω-site tuples. We use
the property of invariance of the cluster expansion to obtain probability distributions from correlation
functions [28]. As a consequence of the compact formalism and by using Equation (4) and (7),
the expression of correlation functions can be rewritten into a matrix form:

〈Γ(ij··· )
ω,n [�σ]〉 =

Kω

∑
∀[(pq··· )]

γi,K[�σp]γj,K[�σq] · · · y(pq··· )
ω,n [�σ] ≡

ω︷ ︸︸ ︷
(τK ⊗ · · · ⊗ τK)ij··· ,pq···y

(pq··· )
ω,n [�σ]. (9)

With the aid of the matrix formulation from Equation (9) and the generalized form of the inverse
matrix τ−1

K in Equation (7), one can express the ω-cluster probabilities into a matrix form:

y(pq··· )
ω,n [�σ] =

ω︷ ︸︸ ︷
(τ−1

K ⊗ · · · ⊗ τ−1
K )pq··· ,ij···〈Γ

(ij··· )
ω,n [�σ]〉, (10)

where we have used the notation for direct product of matrices

ω︷ ︸︸ ︷
(τ−1

K ⊗ · · · ⊗ τ−1
K )pq··· ,ij··· =

(τK)p,i(τK)q,j · · · . In addition, we also implied summation over repeated indexes on the right-hand
side of Equation (10). Note that the size of these matrices increases exponentially with cluster size
ω, KωxKω; in particular, for ω = 4, the matrices have 256 × 256 entries. The cluster probabilities are
normalized as expressed in Equation (11)

Kω

∑
∀[(pq··· )]

y(pq··· )
ω,n [�σ] = 1. (11)

As a consequence of the normalization of the cluster probabilities, it is possible to separate
probabilities of the decorated sub-clusters from the probabilities of the maximal cluster by partial
summations over all possible decorations for the sites that belong to the maximal cluster (ω, n) but not
the i-th sub-cluster (ωi, ni):

∑
(pq··· )∈{[(pq··· )ωi ,ni ]}

y(pq··· )
ω,n [�σ] = y(pq··· )

ωi ,ni [�σ]. (12)

From Equation (10) and for the case with ω = 2, it follows that the generalized expression for
SRO of species p and q at the nth shell, α

(pq)
2,n [�σ]( p �= q) , can be interpreted as the tendency to order

or segregate species p and q with respect the disordered random probability given by the product
of their elemental, p, bulk concentration xp[�σ]. For the four component Cr-Fe-Mn-Ni system, there

are six chemically distinct SRO parameters: α
(01)
2,n [�σ] for Cr-Fe; α

(02)
2,n [�σ] for Cr-Mn; α

(03)
2,n [�σ] for Cr-Ni;

α
(12)
2,n [�σ] for Fe-Mn; α

(13)
2,n [�σ] for Fe-Ni; and α

(23)
2,n [�σ] for Mn-Ni. The SRO allows a quantitative description

of the interactions between atoms as a function of temperature to predict order-disorder transition
temperatures [11,29]. In particular, the matrix formalism from Equations (7) and (10) allows one to
generalize the SRO treatment for an arbitrary number of components, K:

y(pq)
2,n [�σ] = xp[�σ]xq[�σ]( 1 − α

(pq)
2,n [�σ]). (13)
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2.2. Configuration Entropy in the Matrix Formulation

In general, a thermodynamical system in state �σ and with enthalpy of mixing given by the
CE Hamiltonian ΔHMixing

CE [�σ] is described by a set of symmetry unique probability distributions

y(pq··· )
ω,n [�σ] characterized by decorations of a chosen maximal (ω, n) cluster. In practice, the chosen

maximal cluster (ω, n) contains few points. As a mean field approximation [27], the CVM can
be rationalized as a factorization of the probability distributions of the (ω, n) maximal cluster
into integer powers ηω1,n1 , ηω2,n2 · · · , ηωs[ω,n] ,ns[ω,n] of the probability distributions of the sub-clusters
(ωi, ni) ⊆ (ω, n); i = 1, · · · , [ω, n] [19] with decorations (pq · · · )ωi ,ni corresponding to the components
(pq · · · )ωi ,ni of all decorations (pq · · · ) ∈ {(pq · · · )(ω,n)} occupied by sites of the (ωi, ni) sub-cluster

y(pq··· )
ω,n [�σ] = (y

(pq··· )ω1,n1
ω1,n1 [�σ])ηω1,n1 (y

(pq··· )ω2,n2
ω2,n2 [�σ])ηω2,n2 · · · (y(pq··· )ωs[ω,n] ,ns[ω,n]

ωs[ω,n] ,ns[ω,n]
[�σ])

ηωs[ω,n] ,ns[ω,n] . (14)

The following expression, a consequence of the CVM factorization scheme, can be derived
from [19] and is the reason why the disordered configuration at high temperature is reproduced from
multi-body probabilities, ∑

[ω,n]
i=1 ωiηωi ,ni = −1. This occurs because, at the high temperature limit,

the CVM probabilities tend to products of composition of the species involved in the decorations of
the cluster:

y
(pq··· )ωi ,ni
ωi ,ni [�σ] →

T→∞

ωi

∏
j=1

y
((pq··· )j)ωi ,ni
1,1 [�σ] =

ωi

∏
j=1

x((pq··· )j)ωi ,ni
[�σ], (15)

where y
((pq··· )j)ωi ,ni
1,1 [�σ] = x(pq···j)ωi ,ni

[�σ] is the concentration of the (pq · · · )j equal to one of the integers
0, 1, · · · , K − 1 in the disordered state of the alloy. A natural consequence of the factorization scheme
chosen for the CVM multi-body probabilities is that the configuration entropy assumes the formulation

Sω,n[�σ] ≡
s[ω,n]

∑
i=1

ηωi ,ni

∼
Sωi ,ni [�σ] =

s[ω,n]

∑
i=1

ηωi ,ni

Kωi

∑
∀[(pq··· )ωi ,ni ]

kBy
(pq··· )ωi ,ni
ωi ,ni [�σ]ln(y

(pq··· )ωi ,ni
ωi ,ni [�σ]), (16)

where
∼
Sωi ,ni , is the entropy contribution to cluster (ω, n) from the sub-cluster (ωi, ni):

∼
Sωi ,ni [�σ] =

Kωi

∑
∀(pq··· )ωi ,ni

kBy
(pq··· )ωi ,ni
ωi ,ni [�σ]ln(y

(pq··· )ωi ,ni
ωi ,ni [�σ]). (17)

The set of integers ηω1,n1 , ηω2,n2 · · · , ηωs[ω,n] ,ns[ω,n] are the mean field integer coefficients associated
with the partition function of the alloy system. In the theory of regular mixtures, the coefficients
can be found from the recursive heuristic expression after Kikuchi, [30], Barker [31] and whose
formulation was explicitly derived by using group theoretic methods by Gratias et al. [32]. It requires
the determination of two quantities: the site multiplicity Nωi ,ni and the sub-cluster multiplicity Nβ

ωi ,ni .
The site multiplicity can be determined by calculating the number of symmetry operators, Nωi ,ni ,
that stabilize the ωi, ni cluster i.e., g ∈ G such that the application of g into the set of cluster positions

{�τ1, �τ2, · · · , �τω} results in a permutation of the set. Then, Nωi ,ni =
|G|

|Nωi ,ni |
, where |G| is the order

of the point group associated with the space group G and |Nωi ,ni | is the order of the group Nωi ,ni .
The sub-cluster multiplicity Nβ

ωi ,ni is just the frequency of the cluster β that is contained in the cluster
(ωi, ni)

ηωi ,ni = −Nωi ,ni − ∑
(ωi ,ni)⊂β⊆(ω,n)

Nβ
ωi ,ni ηβ. (18)

In particular, the formulation applied to a point cluster retrieves the Bragg–Williams
approximation for the maximal cluster (ω = 1, n = 1), i.e., a site cluster, giving the entropy
weight of ηω1=11,n1=1 = −1 and for a 2-body cluster (ω = 2, n) in the nth coordination shell, we
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get ηω2,n2 = −N2,n and ηω1,n1 = 2N2,n − 1, where N2,n is site multiplicity of the cluster (2, n) calculated
from the sites in this cluster and the space group G.

In this work, the above matrix formulation is applied in the hybrid CE-Monte Carlo method
which performs the free energy minimization from the CE Hamiltonian in a combination with Monte
Carlo simulations. Within the process, the Monte Carlo method produces the correlation functions for
the equilibrium configurations found at each of the temperatures investigated. The hybrid approach
uses these correlation functions in the analytic expressions for configuration entropy.

There is an alternative to the hybrid approach for the entropy calculation where the
thermodynamic integration method can be used. Here, entropy is calculated from the configuration
contribution to the specific heat at constant volume, Ccon f derived from the fluctuations of enthalpy of
mixing at temperature values in a fine grid of temperature values:

Scon f [T] =
∫ T

0

Ccon f

T′ dT′ =
∫ T

0

〈ΔHMixing
CE

2〉 − 〈ΔHMixing
CE 〉2

T′3 dT′ (19)

where 〈ΔHMixing
CE 〉2

and 〈ΔHMixing
CE

2〉 are the square of the mean and mean square enthalpies of mixing,
respectively, calculated by averaging over all the MC steps at the accumulation stage for a given
temperature. The accuracy of evaluation of configuration entropy depends on the size of temperature
integration step and the number of MC steps performed at the accumulation stage [33]. The integration
of specific heat is performed from 0 K to the temperature T. In order to calculate the configuration
entropy at a given temperature, the value for specific heats at lower temperatures is thus required.
For example, assuming that the chosen temperature step is equal to 5 K, to evaluate configuration
entropy numerically at 3000 K would require computing the specific heat at 600 smaller temperatures.
In contrast, using Equation (17), the configuration entropy can be computed analytically from the
correlation functions at any given temperature and alloy composition. Our experiences show that
the computational time using the hybrid method can be of two orders faster than those by the
thermodynamic integration.

2.3. Computational Details

The DFT enthalpies of mixing given by Equation (1) were calculated from fully relaxed
spin-polarized DFT total energy calculations performed using the projector augmented wave
(PAW) method [34] implemented in Vienna Ab initio Simulation Package (VASP) [35–39].
Exchange and correlation were treated in the generalized gradient approximation (GGA) and the
Perdew-Burke-Ernzerhof (PBE) functional [40]. The core configurations of Fe, Cr, Mn and Ni in PAW
potentials are [Ar]3d74s1, [Ar]3d54s1, [Ar]3d64s1 and [Ar]3d94s1, respectively. The total energies were
calculated using the Monkhorst–Pack [41] mesh of 12 × 12 × 12 k-point for a four-atom FCC cubic
cell. The plane wave cut-off energy used in the calculations was 400 eV. The total energy convergence
criterion was set to 10−6 eV/cell, and force components were relaxed to 10−3 eV/nm.

In the semi canonical Monte Carlo calculations performed, the temperature range and temperature
steps are important. The accuracy of the thermodynamic integration method to calculate configuration
entropy generally requires a smaller temperature integration step, ΔT = 5 K and also depends on the
number of Monte Carlo passes [33]. In particular, we use a cell containing 2048 atoms distributed into
a 8 × 8 × 8 primitive unit cell, and average compositions for the ensemble given by Cr18Fe27Mn27Ni28

and equiatomic Cr25Fe25Mn25Ni25. The Monte Carlo simulations were performed from random
configurations at high temperature (3000 K) where the configuration entropy at the high-temperature
limit is given by kBln(4) for equiatomic and −kB{0.18 ∗ ln(0.18) + 2 ∗ 0.27 ∗ ln(0.27) + 0.28 ∗ ln(0.28)}
for Cr18Fe27Mn27Ni28 [42]. By quenching down systematically with the temperature step of Δ T = 5 K,
various equilibrium configurations were obtained at lower temperatures. For thermodynamic
integration calculation of configuration entropy, we integrated numerically the specific heat at constant
volume using the theoretical formula (19) starting from the lowest temperature value 0 K to 3000 K.
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3. Cluster Probability Functions in FCC Cr-Fe-Mn-Ni Alloys

We apply the matrix formulation of cluster expansion outlined in Section 2.1 to the FCC CrFeMnNi
system for investigating the temperature and composition dependent cluster probability distribution
functions and the configuration entropy.

3.1. Cluster Expansion Hamiltonian for FCC CrFeMnNi

The DFT enthalpies of mixing for the FCC CrFeMnNi system were used to map iteratively into
the cluster expansion Hamiltonian given by Equation (2) using the ATAT package [16]. The mapping
has been performed systematically from the six binary and four ternary constituent subsystems of
the considered quaternary. The database of structures for the cluster expansion consisted of 835
structures categorized by the difference of local environments in binaries (structures with two chemical
elements: 58 CrFe, 55 CrMn, 77 CrNi, 58 FeMn, 54 FeNi and 52 MnNi), ternaries (structures with
three chemical elements: 89 CrFeMn, 85 CrFeNi, 46 FeMnNi, and 66 CrMnNi); and 191 quaternaries
CrFeMnNi. More information about the type of binary and ternary structures used in our DFT
database has been detailed in our previous work [17]. Structures are typically ordered ones with their
composition ranging for each constituent element from 5% to 95%. It is important to stress here that,
different to other studies of HEAs, our DFT database for constructing the CE Hamiltonian didn’t
include randomly distributed structures such as the so-called special quasi-random structures (SQSs).
The latter, however, can be generated within the present approach from Monte-Carlo simulations
after obtaining the reliable ECIs. The set of clusters which have minimized the cross-validation
score of 12.95 meV/atom, consists of six 2-body, two 3-body and one 4-body ECIs. In the present
work, the clusters with the same sizes and relative positions have been included consistently in
the considered subsystems. The prediction of the corresponding ground-state intermetallic phases
is in a good agreement with the experimental binary phase diagrams available (for example, the
ferromagnetic FeNi3 in L12 structure and anti-ferromagnetic MnNi in L10 structure) as well as with the
previous theoretical study for the ternary and ferrimagnetic CrFe2Ni phase in NiCu2Zn structure [17].
A new intermetallic phase FeCr2MnNi4 is predicted for the quaternary system and full results of
magnetic properties in CrFeMnNi systems will be discussed in a separate work.

The CE Hamiltonian for the quaternary system CrFeMnNi consists, in total, of 83 different
decorated clusters distributed among 10 different non-decorated clusters: four decorated clusters for
the point cluster, (ω = 1, n = 1); six decorated clusters for each pair cluster (ω = 2, n = 1, · · · , 6);
10 decorated clusters for the non-decorated cluster (ω = 3, n = 1); 18 decorated clusters for the
non-decorated cluster (ω = 3, n = 2); and 15 decorated clusters for the non-decorated cluster (ω =

4, n = 1). The decoration labels, (s) required to specify the clusters, are listed in Table 1. Each
non-decorated cluster is defined by the coordinates (specified with respect to the standard Cartesian
coordinate system in units of lattice spacing) of the lattice sites that it includes. The decorations define
the chemical species allocated to each site in strictly the same order i.e., for (ω = 2, n = 1) cluster the
decoration (2, 3) means that species 2 is allocated for site with coordinates (1, 1, 1) and species 3 is
allocated for site with coordinates (1/2, 3/2, 3/2).

3.2. Full Set of Cluster Decorations

In general, the set of temperature dependent decorated cluster correlation functions, 〈Γ(s)
ω,n[�σ]〉,

constitute a set of Kω quantities for a given maximal cluster (ω, n) in the CE. From each of the Kω

temperature dependent decorated cluster correlation functions, the matrix formalism described in
Section 2.1 generates the set of temperature dependent multi-body probability functions describing the
temperature dependent behavior associated with the maximal cluster (ω, n). The symmetry unique
decorations for all of the clusters in the CE, ∀(ω, n), are reported in the ATAT clusters output file
and here they are listed in Table 1. If one cluster is included into another, it becomes a sub-cluster
(ωi, ni) ∈ (ω, n); these sub-clusters have been classified according to their inclusion into maximal
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clusters, and are listed in Table 2. If the sub-cluster (ωi, ni) is included in the maximal cluster,
(ωi, ni) ∈ (ω, n), then the decorations from the sub-cluster (s)(ωi ,ni)

can be transferred into the
decorations of the maximal cluster, (s)(ω,n), by using the intrinsic space group symmetry of the parent
lattice. In general, any given sub-cluster (ωi, ni) can be found several times within the cluster (ω, n).
For convenience, symmetry of the cluster decorations is implemented by means of permutation
operators in Table 2 including X for the empty site. The full set of decorated cluster correlation
functions, 〈Γ(s)

ω,n[�σ]〉, corresponding to the maximal cluster (ω, n), is generated by studying which of
the decorations (s)ωi ,ni form the sub-clusters (ωi, ni) in (ω, n). The decorations can have empty cluster,
i.e., at least one integer entry in 0 ⊆ (s)ωi ,ni .

For the case of the maximal cluster (ω = 2, n = 1) consisting of sites {(1, 1, 1), (1, 3/2, 3/2)},
see Table 1, we have a full set of 42 = 16 2-tuples of decorations, each associated with a
temperature dependent decorated cluster correlation function. It can be noted that the cluster
{(1, 1, 1), (1, 3/2, 3/2)} contains two sub-clusters: the point cluster {(1, 1, 1)} that has decorations
{(0), (1), (2), (3)}; and the cluster itself which has decorations {(1, 1), (2, 1), (3, 1), (2, 2), (2, 3), (3, 3)}.
For each of these decorations, there are corresponding decorated cluster correlation functions. In this
case, the point cluster is contained twice: once in (1, 1, 1) ⊂ {(1, 1, 1), (1, 3/2, 3/2)} and also in
(1, 3/2, 3/2) ⊂ {(1, 1, 1), (1, 3/2, 3/2)}. Similarly the cluster itself {(1, 1, 1), (1, 3/2, 3/2)} is contained
once. Thus a point cluster decorated by (s) = (3) is transfered to ω = 2-tuples notation in the
maximal cluster as (3, 0) or (0, 3). This can be captured by the permutation operators {(1, X), (X, 1)}
(see Table 2) where X stands for an empty cluster where a 0 should be placed. Similarly, the decorations
denoted by (s) = (1, 2) in the 2-tuples notation are equivalent to the symmetry equivalent decorations
(s) = (1, 2) and (s′) = (2, 1) ≡ (1, 2). The symmetry effect can again be captured by permutation
operators {(1, 2), (2, 1)}, where X no longer appears, since the ωi = 2-tuples have the same order
(ω = ωi) as the ω = 2-tuples from the maximal cluster (ω = 2, n = 1). The analysis outlined above for
the 2-body cluster {(1, 1, 1), (1, 3/2, 3/2)} with K = 4 components can be extended to the remaining
(ω = 2, n > 1) maximal clusters. The permutation operators that carry out the appropriate decorations
(s)ωi ,ni of sub-clusters (ωi, ni) into (ω, n) cluster ω-tuples notation are detailed in Table 2. It should
be noted that, for any 2-body cluster, the point and corresponding pair sub-clusters add up, forming
4 + 6 = 10 symmetrically unique correlation functions 〈Γ(ij)

ω,n[�σ]〉.
Referring to the maximal cluster (ω = 3, n = 1), from Table 2, there are three contained

sub-clusters (ω1 = 1, n1 = 1), (ω2 = 2, n2 = 1) and (ω3 = 3, n3 = 1) within the maximal cluster
(ω = 3, n = 1). The point sub-cluster (ω1 = 1, n1 = 1) has, according to Table 1, four decorations
associated with it; the 2-body cluster (ω2 = 2, n2 = 1) has six decorations associated with itself; and
finally the sub-cluster (ω3 = 3, n3 = 1) has 10 decorations associated with itself. The total number
of symmetry unique decorated cluster correlation functions, which is smaller than Kω = 43 = 64,
but can nevertheless fully describe cluster (ω = 3, n = 1) with K = 4 components, is therefore
given by 4 + 6 + 10 = 20 decorated cluster correlation functions. From these 20 symmetry unique
decorated cluster correlations, it is possible to generate a total of 64 decorated cluster correlation
functions by using the permutation operators in Table 2. The number of permutation operators to
transfer decorations from sub-cluster (ω1 = 1, n1 = 1) to (ω = 3, n = 1), is 3; from (ω2 = 2, n2 = 1),
six permutation operators, and, from the cluster itself (ω3 = 3, n3 = 1), there are three permutation
operators. The total number of permutation operators is therefore 3 + 6 + 6 = 15. The remaining
decorations, which are not listed in Table 1, add up to 64 − 20 = 44 and are obtained by using
appropriately the 15 permutation operators corresponding to the maximal cluster (ω = 3, n = 1).
Similarly, the maximal cluster (ω = 3, n = 2) has 34 symmetrically unique decorations and 12
permutation operators; and (ω = 4, n = 1) has 35 symmetry unique decorations with 64 permutation
operators (all possible permutations for K = 4).
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Table 1. ω, highest coordination shell n, decoration (s) and coordinates of points in the relevant
clusters on the Face-Centered Cubic (FCC) lattice. The coordinates are referred to the simple cubic
Bravais lattice. Index (s) is the same as the sequence of points in the relevant cluster. The canonical
order for decoration indexes, (s)i, is 0, 1, 2 and 3 is Cr, Fe, Mn and Ni. All values of the Effective Cluster
Interactions (ECIs) obtained from the present CE study are shown in the last column.

ω n (s) Coordinates ECI (meV/atom) ω n (s) Coordinates ECI (meV/atom)

1 1 (0) (1,1,1) +0.00 3 1 (1,1,1) (1,1,1) +0.20
(1) +0.11 (2,1,1) (3/2,1,1/2) +0.90
(2) −0.04 (3,1,1) (1,3/2,1/2) +1.60
(3) −0.01 (2,2,1) −3.40

2 1 (1,1) (1,1,1) +9.40 (3,2,1) −0.50
(2,1) (1,3/2,3/2) −0.10 (3,3,1) +1.20
(3,1) +3.40 (2,2,2) +0.20
(2,2) +0.40 (3,2,2) +2.00
(3,2) +1.30 (3,3,2) −0.50
(3,3) +6.00 (3,3,3) +0.00

2 2 (1,1) (1,1,1) −9.20 3 2 (1,1,1) (1,1,1) −0.60
(2,1) (1,1,0) +0.40 (2,1,1) (1,3/2,1/2) +1.00
(3,1) −4.40 (3,1,1) (1,1,0) +0.90
(2,2) −11.60 (1,2,1) −1.80
(3,2) −3.50 (2,2,1) +2.30
(3,3) −8.80 (3,2,1) −0.70

2 3 (1,1) (1,1,1) 0.90 (1,3,1) −2.10
(2,1) (2,3/2,3/2) 2.60 (2,3,1) −0.30
(3,1) 3.50 (3,3,1) −0.60
(2,2) 1.60 (2,1,2) −6.30
(3,2) −0.30 (3,1,2) −1.20
(3,3) 0.10 (2,2,2) -0.60

2 4 (1,1) (1,1,1) −0.40 (3,2,2) −0.10
(2,1) (2,1,2) 2.40 (2,3,2) +1.60
(3,1) 1.20 (3,3,2) +0.60
(2,2) 0.50 (3,1,3) −2.00
(3,2) 0.60 (3,2,3) +0.30
(3,3) −0.80 (3,3,3) −1.40

2 5 (1,1) (1,1,1) −1.00 4 1 (1,1,1,1) (1,1,1) −3.30
(2,1) (1,3/2,−1/2) −3.50 (2,1,1,1) (3/2,3/2,1) +2.00
(3,1) −2.00 (3,1,1,1) (3/2,1,1/2) +0.70
(2,2) 0.20 (2,2,1,1) (1,3/2,1/2) −2.90
(3,2) 0.90 (3,2,1,1) +0.60
(3,3) 0.40 (3,3,1,1) +0.70

2 6 (1,1) (1,1,1) 0.80 (2,2,2,1) −0.60
(2,1) (2,2,0) 2.10 (3,2,2,1) −1.10
(3,1) 1.00 (3,3,2,1) +1.30
(2,2) −2.70 (3,3,3,1) +2.60
(3,2) −1.30 (2,2,2,2) −0.50
(3,3) 0.50 (3,2,2,2) +4.90

(3,3,2,2) +1.00
(3,3,3,2) −1.60
(3,3,3,3) −1.70

3.3. Four-Body Probability Functions from Monte Carlo Simulations

After performing semi-canonical Monte Carlo simulations for alloy compositions
Cr18Fe27Mn27Ni28 and equiatomic Cr25Fe25Mn25Ni25, we use the correlation functions calculated
at each of the temperatures to study the temperature dependent probabilities of decorated clusters
corresponding to the equilibrium configuration [�σ] of the Monte Carlo super-cell following the
formalism described in the Methods section. For each non-decorated cluster ω, n and temperature,
we generate the corresponding τ−1 matrices with dimension KωxKω and a vector formed by all the
decorated correlation cluster functions, 〈Γ(ij··· )

ω,n [�σ]〉 with dimension Kω. The Monte Carlo simulations
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output only the symmetrically unique correlation functions (see Table 1), which are less than the Kω

required for matrix operation. In order to generate the full set of Kω from the symmetrically unique
correlation functions, we devise a set of permutation operators gi (see Table 2) that indicate how
an arbitrary decoration ω-tuple of integers is obtained from the symmetrically unique decorations
belonging to the non-decorated cluster or one of its sub-clusters (see the third column of Table 2 for
identifying the cluster-sub-cluster relation). Table 2 contains all the operators necessary to generate
cluster probabilities, y(s)ω,n, for any possible decoration, (s), of 10 non-decorated clusters employed in
the cluster expansion Hamiltonian.

As an important case of study, we chose the maximal cluster given by (ω = 4, n = 1) to
obtain the 4-body configuration probabilities. Figure 1a,b show the plots of 35 symmetrically
unique probabilities for the 4-body maximal cluster defined by the set of lattice sites
((1, 1, 1), (3/2, 3/2, 1), (3/2, 1, 1/2), (1, 3/2, 1/2)) as a function of temperature.

(a) (b)
Figure 1. 4-body probabilities obtained from the hybrid Cluster Expansion (CE)-Monte Carlo
calculations. (a) all the 4-body probabilities for the equiatomic composition Cr25Fe25Mn25Ni25 as
a function of temperature; (b) the same as in (a) but for the composition Cr18Fe27Mn27Ni28.

The most important 4-body bonding configurations in the temperature range from 0 to 3000 K
for the two alloy systems (the equiatomic Cr25Fe25Mn25Ni25 and Cr18Fe27Mn27Ni28) are highlighted
in Figure 1a,b. It should be noted that, for both compositions, the cluster configuration referred to as
Cr-Cr-Cr-Cr appears as the least probable of all the cluster configurations. This finding is consistent
with the fact that Cr has the BCC ground-state and therefore the probability of finding a Cr cluster in
the FCC lattice is negligible, in particular in the low temperature region.

For the equiatomic composition, the probability of Cr-Fe-Mn-Ni is particularly very high at
temperatures between 0–900 K. The presence of 4-body Cr-Fe-Mn-Ni clusters at low temperatures
demonstrates the relationship with our DFT/CE prediction of the new ordered phase FeCr2MnNi4 in
the quaternary system. Furthermore, in the temperature range below 900 K, the cluster configuration
Cr-Fe-Fe-Ni shows that it is the second most probable configuration. This configuration is directly
correlated with the ordered Fe2CrNi structure predicted in our earlier study of phase stability in
the ternary Fe-Cr-Ni system [17]. In the temperature region between 900 K and 1200 K, an increase
of probability of Mn-Mn-Ni-Ni cluster is significantly important. Beyond 1200 K, all of the cluster
configuration probabilities tend to the solid solution or random configuration.

For the system with average composition Cr18Fe27Mn27Ni28, the cluster probability of decorations
given by Mn-Mn-Ni-Ni appears to dominate until 1300 K, where the solid solution or random
configuration begins. Furthermore, the second most probable cluster configuration in the temperature
range 500–1200 K appears to be Cr-Fe-Fe-Fe. Again, these findings are remarkable and the origin of
these clusters would need a more detailed discussion.
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Table 2. List of permutation operators for generating the full set of decorations represented by Kω

dimensional integer arrays with entries taking values from 0 to K − 1. The symmetry operators
(see Equation (5)) represented here in permutation form in column 2 act on the set of 83 symmetry
unique decorations indicated under the (s) column in Table 1 by permuting the entries in (s) or by
introducing the empty cluster X for sub-clusters belong to a given cluster; examples with discussion are
provided in Section 3.2. The space group of the disordered FCC structure, g ∈ O5

h, is implicitly assumed
in order to convolute the symmetry unique into the full set of decorations. The last four columns
represent (ωi, ni) ith sub-cluster of the maximal cluster (ω, n); Nωi ,ni site multiplicity of (ωi, ni); Nωi ,ni

ω,n

sub-cluster multiplicity of the cluster (ωi, ni) ∈ (ω, n); and ηωi ,ni , the sub-cluster (ωi, ni) contribution
to configuration entropy expression corresponding to the maximal cluster (ω, n)

Maximal Cluster Permutation Operators {g1, g2, · · · } Sub-Cluster {ωi, ni} Nωi ,ni Nωi ,ni
ω,n ηωi ,ni

ω = 1, n = 1 {(1)} ω1 = 1, n1 = 1 1 1 −1

ω = 2, n = 1 {(1, X), (X, 1)} ω1 = 1, n1 = 1 1 2 11
{(1, 2), (2, 1)} ω2 = 2, n2 = 1 6 1 −6

ω = 2, n = 2 {(1, X), (X, 1)} ω1 = 1, n1 = 1 1 2 5
{(1, 2), (2, 1)} ω2 = 2, n2 = 2 3 1 −3

ω = 2, n = 3 {(1, X), (X, 1)} ω1 = 1, n1 = 1 1 2 23
{(1, 2), (2, 1)} ω2 = 2, n2 = 3 12 1 −12

ω = 2, n = 4 {(1, X), (X, 1)} ω1 = 1, n1 = 1 1 2 11
{(1, 2), (2, 1)} ω2 = 2, n2 = 4 6 1 −6

ω = 2, n = 5 {(1, X), (X, 1)} ω1 = 1, n1 = 1 1 2 23
{(1, 2), (2, 1)} ω2 = 2, n2 = 5 12 1 −12

ω = 2, n = 6 {(1, X), (X, 1)} ω1 = 1, n1 = 1 1 2 7
{(1, 2), (2, 1)} ω2 = 2, n2 = 6 4 1 −4

ω = 3, n = 1 {(1, X, X), (X, X, 1), (X, 1, X)} ω1 = 1, n1 = 1 1 3 −13
{(1, 2, X), (2, 1, X), (2, X, 1), (1, X, 2), (X, 1, 2), (X, 2, 1)} ω2 = 2, n2 = 1 6 3 18
{(1, 3, 2), (3, 2, 1), (2, 1, 3), (3, 1, 2), (2, 3, 1), (1, 2, 3)} ω3 = 3, n3 = 1 8 1 −8

ω = 3, n = 2 {(1, X, X), (X, X, 1), (X, 1, X)} ω1 = 1, n1 = 1 1 3 −19
{(2, 1, X), (1, 2, X)} ω2 = 2, n2 = 2 1 1 9
{(1, X, 2), (2, X, 1), (X, 1, 2), (X, 2, 1)} ω3 = 2, n3 = 1 6 2 18
{(3, 1, 2), (1, 3, 2), (1, 2, 3)} ω4 = 3, n4 = 2 12 1 −12

ω = 4, n = 1 {(1, X, X, X), (X, X, X, 1), (X, X, 1, X), (X, 1, X, X)} ω1 = 1, n1 = 1 1 4 −5
{(X, X, 1, 2), (X, X, 2, 1), (1, 2, X, X), (2, 1, X, X) ω2 = 2, n2 = 1 6 6 6
(X, 1, X, 2), (X, 2, X, 1), (2, X, 1, X), (1, X, 2, X) ω2 = 2, n2 = 1
(1, X, X, 2), (2, X, X, 1), (X, 1, 2, X), (X, 2, 1, X)} ω2 = 2, n2 = 1
{(1, 3, 2, X), (3, 1, X, 2), (2, X, 1, 3), (X, 2, 3, 1) ω3 = 3, n3 = 1 8 4 0
(3, 2, 1, X), (1, X, 3, 2), (X, 1, 2, 3), (2, 3, X, 1) ω3 = 3, n3 = 1
(2, 1, 3, X), (X, 3, 1, 2), (1, 2, X, 3), (3, X, 2, 1) ω3 = 3, n3 = 1
(2, X, 3, 1), (X, 2, 1, 3), (1, 3, X, 2), (3, 1, 2, X) ω3 = 3, n3 = 1
(1, X, 2, 3), (3, 2, X, 1), (2, 3, 1, X), (X, 1, 3, 2) ω3 = 3, n3 = 1
(3, X, 1, 2), (1, 2, 3, X), (X, 3, 2, 1), (2, 1, X, 3)} ω3 = 3, n3 = 1
{(1, 4, 3, 2), (4, 1, 2, 3), (3, 2, 1, 4), (2, 3, 4, 1) ω4 = 4, n4 = 1 2 1 −2
(4, 3, 1, 2), (1, 2, 4, 3), (2, 1, 3, 4), (3, 4, 2, 1) ω4 = 4, n4 = 1
(3, 1, 4, 2), (2, 4, 1, 3), (1, 3, 2, 4), (4, 2, 3, 1) ω4 = 4, n4 = 1
(3, 2, 4, 1), (2, 3, 1, 4), (1, 4, 2, 3), (4, 1, 3, 2) ω4 = 4, n4 = 1
(1, 2, 3, 4), (4, 3, 2, 1), (3, 4, 1, 2), (2, 1, 4, 3) ω4 = 4, n4 = 1
(4, 2, 1, 3), (1, 3, 4, 2), (2, 4, 3, 1), (3, 1, 2, 4)} ω4 = 4, n4 = 1

The prediction of the high probabilities for Mn-Mn-Ni-Ni and Cr-Fe-Fe-Fe clusters in
Cr18Fe27Mn27Ni28 alloy composition shown in Figure 1b can be explained by the decoration of the
first nearest neighbor four-atom cluster interaction obtained from the CE Hamiltonian. It is important
to stress that, in this case, the CE method reproduces the well-known result from the tetrahedron
approximation in the CVM [18,19]. The configuration Mn-Mn-Ni-Ni is understood to be related to L10

structure in Strukturbericht notation with Mn and Ni atoms, whereas the composition Cr-Fe-Fe-Fe is
related the L12 structure in Strukturbericht notation with Cr and Fe atoms. Both of these structures
are depicted in Figure 2 and they are in a full agreement with our first-principles investigations.
Indeed, the MnNi-L10 structure is predicted by both the DFT and CE Hamiltonian to be one of the
ground-state structures not only for the binary Mn-Ni system but also for the quaternary Fe-Cr-Mn-Ni
one. The CrFe3-L12 structure has also been found as the lowest-energy binary structure in the previous
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study of the phase stability of Fe-Cr binary in the FCC lattice (see Figure 2a from [17]). In particular,
the latter structure has also been found to be stable due to the strong anti-ferromagnetic interaction
between Cr and Fe from the magnetic cluster expansion (MCE) performed for the ternary CrFeNi
system [43]. In that work, Monte Carlo simulations using MCE indicated that ordered magnetic
structures in the Ni-rich corner (ferromagnetic) of the FeCrNi system persists until temperatures of
600 K, and that for the atomic compositions between CrFe2 and CrFe3 the anti-ferromagnetic order
was retained beyond 500 K.

(a) (b) (c)
Figure 2. (a) most probable phase at high temperature (disordered structure); (b,c): two most probable
ordered phases at low temperature in the equiatomic Cr25Fe25Mn25Ni25 and Cr18Fe27Mn27Ni28 HEAs
compositions. Cr, Fe, Mn and Ni are illustrated in blue, red, yellow and green respectively. (a) A1 phase,
sites are occupied by Cr, Mn, Fe, and Ni in probabilities determined by their average concentration
in the system; (b) L12 phase corresponding to CrFe3 with Cr and Fe; (c) L10 phase corresponding to
MnNi with Mn and Ni.

4. Configuration Entropy in a Cr-Fe-Mn-Ni System

For each temperature value in the range 0–3000 K, the configuration probabilities corresponding

to cluster (ω = 4, n = 1) are used in Equation (17) to obtain the quantities
∼
Sωi ,ni [�σ]. There is one

quantity
∼
Sωi ,ni [�σ] and a corresponding weight ηωi ,ni for each of the (ωi, ni) sub-clusters : (ω = 1, n = 1),

(ω = 2, n = 1); (ω = 3, n = 1); and (ω = 4, n = 1) included in the maximal cluster (ω = 4, n = 1).

The total configuration entropy, Sω,n[�σ], is calculated by adding the ηωi ,ni weighted quantities
∼
Sωi ,ni [�σ].

By applying the same arguments developed for the cluster (ω = 4, n = 1), the total configuration
entropy for each of the 10 different maximal clusters can be calculated. The sub-clusters and the
permutation operators contained in each of the 10 maximal clusters appearing in the cluster expansion
are detailed in Table 2.

Composition dependent entropies at fixed temperatures 1000 K and 3000 K are shown in Figure 3a,b.
At each of these temperature values, any of the configuration entropy expressions from Table 2 provides
approximately the same value. At 3000 K, the entropy is maximized in the center of the tetrahedron,
namely at the equiatomic composition to 1.37 kB, and it is decreased upon lowering the temperature at
all of the composition points. The variation of configuration entropy is too complex to be captured in
the fixed temperature plots, therefore we use specifically the equiatomic composition and calculate the
configuration entropy as a function of temperature in Figure 4. Regarding the high temperature limit
value of entropy in Figure 4, we use as maximal cluster that from the 4-body, 3-body and 2-body in the
nearest neighbor cluster probabilities. Above 1200 K, the cluster approximation for the configuration
entropy approaches the high temperature limit of disordered solute solution (−kB∑4

p xp[�σ]ln(xp[�σ]))
much more rapidly than the thermodynamic integration. The reason the high temperature limit is
preserved can be clearly seen from the factorization of the CE expression that resulted from analytical
derivation in Equation (15). It is important to stress that, within the high-temperature limit, our
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theoretical prediction recovers the ideal configuration entropy of mixing for solution phase as it has
been originally proposed by the phenomenological guidelines in designing high-entropy alloys using
thermodynamic and topological parameters of the constituent elements [44].

(a) (b)
Figure 3. Composition dependent entropies obtained from Monte Carlo simulations in CE.
(a) Composition dependent entropy at fixed temperature 1000 K; (b) Composition dependent entropy
at fixed temperature 3000 K.

Figure 4. Temperature dependence of configuration entropy evaluated at various levels of cluster
approxinations and compared with the thermodynamic integration result at the equiatomic composition
Cr25Fe25Mn25Ni25.

It is worth mentioning that the entropy increase (Figure 4) as a function of temperature for the
equiatomic alloy composition can thus be understood by the corresponding decrease in probabilities
(Figure 1) of the ordered state of the structures L10 towards the disorder configuration A1 in Figure 2.
Similarly, in the alloy with composition Cr18Fe27Mn27Ni28, the increase of configuration entropy is
correlated with the decrease in high probability of the configurations of Cr-Fe-Fe-Fe and Mn-Mn-Ni-Ni
clusters originally related to the ordered FCC-like L12-CrFe3 and L10-MnNi structure, respectively.

For the cluster (ω = 4, n = 1), the calculated configuration entropy in Figure 4 appears
to be negative at low temperature with respect to the positive values correctly predicted by the
thermodynamic integration method. This demonstrates clearly that this maximum cluster within
the tetrahedron approximation conventionally adopted within the CVM is only valid to describe the
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configuration entropy for the four-component Cr-Fe-Mn-Ni system in the high-temperature limit. It is
shown from Figure 4 that the first nearest-neighbor triangle cluster (ω = 3, n = 1), which plays an
important role within the tetrahedron approximation, also gives physically incorrect and negative
entropy contribution at low temperature. As it has been discussed in the introduction, in difference
from the CVM tetrahedron approximation, besides the first nearest-neighbor cluster contributions, the
present CE results also include other pair clusters up to the sixth nearest neighbors and the second
nearest-neighbor triangle cluster contributions. For example, in Figure 4, the third nearest-neighbor
pair cluster (ω = 2, n = 3) gives the significantly positive contribution to configuration entropy in
the entire range of temperature. These additional cluster contributions, in turn, ensure the correct
behavior of the configuration entropy obtained from the thermodynamic integration. Therefore, from
a statistical physics point of view, the hybrid technique combining Monte Carlo simulations with the
CE method can be considered to be more advanced than the mean-field approach advocated within
the CVM.

5. Conclusions

In this work, we develop a matrix formalism to study multi-body ordering probabilities
beyond pair approximation previously used for investigating the SRO and configuration entropy in
multi-component alloys by using a hybrid combination of CE and Monte Carlo methods. The cluster
probabilities are worked out by explicit inversion within the orthonormal sets of the point functions
adopted in the ATAT package and a direct product of a matrix formulation obtained from symmetrically
independent correlation functions. The correlation functions are determined from semi-canonical
Monte Carlo simulations and ECIs derived from DFT calculations. We apply our method to the
quaternary FCC Cr-Fe-Mn-Ni system by considering 285 different alloy compositions covering
the compositional space of the quaternary alloy as a function of temperature. To further assess
our formulated expressions for configuration entropy, focus is put on two alloy compositions,
equiatomic Cr25Fe25Mn25Ni25 and Cr18Fe27Mn27Ni28, to obtain cluster probabilities and understand
the variation in configuration entropy with temperature due to the lowering of the ordering probability
corresponding to the ordered configuration. The cluster probability plots against temperature show
that, for the composition Cr18Fe27Mn27Ni28, there is a high probability of formation of the L10 MnNi
phase at low temperatures below 1300 K and for the L12 CrFe3 phase in the temperature range
500–1200 K. Similarly, for the equiatomic composition, the L10 MnNi phase appears stable in the
temperature range 900–1200 K, while the lower temperature region is preferred for the configuration
Cr-Fe-Mn-Ni. The configuration Cr-Cr-Cr-Cr was found to be the least probable configuration at all
temperature ranges for both compositions of the Cr-Fe-Mn-Ni system. Furthermore, the configuration
entropy as a function of temperature was derived from these probabilities: the high-temperature limit
is in accordance with random solid solution approximation, but, at low temperatures, the entropy
is seen to be reduced due to ordering or segregation tendencies which are in turn determined by
multi-body probability functions including chemical short-range order.

We believe that the present study will help to promote further understanding of derivative
phases as a function of temperature and multi-component alloy composition from disordered solid
solutions in the phenomenological description of HEAs. By applying the formalism to the Cr-Fe-Mn-Ni
system, it will also serve as a benchmarking example in designing radiation tolerant materials
for advanced nuclear reactor systems by using the ab initio based CE method. The composition
Cr18Fe27Mn27Ni28 multicomponent system has been studied for advanced nuclear applications due to
promising irradiation resistance with regards to void swelling.
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Abbreviations

The following abbreviations are used in this manuscript:

CE Cluster Expansion
CVM Cluster Variation Method
HEA High-Entropy Alloy
K Number of components in alloy
DFT Density Functional Theory
GS Ground States
G Space Group of the disordered high temperature structure
(ωi, ni) i-th sub-cluster of a maximal cluster (ω, n)
Nωi ,ni operators g ∈ G acting on the sites of cluster (ωi, ni) to rearrange the sites i.e., a permutation
Nωi ,ni site multiplicity of the cluster ωi

Nβ
ω,n sub-cluster multiplicity of the cluster β ∈ (ω, n)

Ω[ω, n] Number of times a cluster ω, n is contained in a supercell structure, generally used for Monte Carlo
simulations, for obtaining thermodynamic quantities.

References

1. Cantor, B.; Chang, I.; Knight, P.; Vincent, A. Microstructural development in equiatomic multicomponent
alloys. Mater. Sci. Eng. A 2004, 375–377, 213–218. [CrossRef]

2. Yeh, J.W.; Chen, S.K.; Lin, S.J.; Gan, J.Y.; Chin, T.S.; Shun, T.T.; Tsau, C.H.; Chang, S.Y. Nanostructured
High-Entropy Alloys with Multiple Principal Elements: Novel Alloy Design Concepts and Outcomes.
Adv. Eng. Mater. 2004, 6, 299–303. [CrossRef]

3. Gali, A.; George, E.P. Tensile properties of high- and medium-entropy alloys. Intermetallics 2013, 39, 74–78.
[CrossRef]

4. Carroll, R.; Lee, C.; Tsai, C.W.; Yeh, J.W.; Antonaglia, J.; Brinkman, B.A.W.; Leblanc, M.; Xie, X.; Chen, S.;
Liaw, P.K.; et al. Experiments and Model for Serration Statistics in Low-Entropy, Medium-Entropy,
and High-Entropy Alloys. Sci. Rep. 2015, 5, 16997. [CrossRef] [PubMed]

5. Xia, S.; Gao, M.C.; Yang, T.; Liaw, P.K.; Zhang, Y. Phase stability and microstructures of high entropy alloys
ion irradiated to high doses. J. Nucl. Mater. 2016, 480, 100–108. [CrossRef]

6. Lucas, M.S.; Mauger, L.; Muñoz, J.A.; Xiao, Y.; Sheets, A.O.; Semiatin, S.L.; Horwath, J.; Turgut, Z. Magnetic
and vibrational properties of high-entropy alloys. J. Appl. Phys. 2011, 109, 07E307. [CrossRef]

7. Calvo-Dahlborg, M.; Cornide, J.; Tobola, J.; Nguyen-Manh, D.; Wróbel, J.S.; Juraszek, J.; Jouen, S.; Dahlborg, U.
Interplay of electronic, structural and magnetic properties as the driving feature of high-entropy CoCrFeNiPd
alloys. J. Phys. D Appl. Phys. 2017, 50, 185002. [CrossRef]

8. Rossiter, P.L.; Wells, P. The dependence of the electrical resistivity on short-range order. J. Phys. C Solid
State Phys. 1971, 4, 354–363. [CrossRef]

9. Spruiell, J.E.; Stansbury, E.E. X-Ray study of short-range order in nickel alloys containing 10.7 and 20.0 at. %
Molybdenum. J. Phys. Chem. Solids 1965, 26, 811–822. [CrossRef]

65



Entropy 2019, 21, 68

10. Fisher, J.C. On the strength of solid solution alloys. Acta Metall. 1954, 2, 9–10. [CrossRef]
11. Fernández-Caballero, A.; Wróbel, J.S.; Mummery, P.M.; Nguyen-Manh, D. Short-Range Order in High

Entropy Alloys: Theoretical Formulation and Application to Mo-Nb-Ta-V-W System. J. Phase Equilib. Diffus.
2017, 38, 391–403. [CrossRef]

12. Santodonato, L.J.; Zhang, Y.; Feygenson, M.; Parish, C.M.; Gao, M.C.; Weber, R.J.K.; Neuefeind, J.C.;
Tang, Z.; Liaw, P.K. Deviation from high-entropy configurations in the atomic distributions of a
multi-principal-element alloy. Nat. Commun. 2015, 6, 5964. [CrossRef] [PubMed]

13. Leong, Z.; Wróbel, J.S.; Dudarev, S.L.; Goodall, R.; Todd, I.; Nguyen-Manh, D. The Effect of Electronic
Structure on the Phases Present in High Entropy Alloys. Sci. Rep. 2017, 7, 39803. [CrossRef] [PubMed]

14. De Fontaine, D. Cluster Approach to Order-Disorder Transformations in Alloys. Solid State Phys. 1994,
47, 33–176.

15. Van de Walle, A.; Asta, M.; Ceder, G. The Alloy Theoretic Automated Toolkit: A User Guide. Calphad Comput.
Coupling Phase Diagr. Thermochem. 2002, 26, 539–553. [CrossRef]

16. Van de Walle, A. Multicomponent multisublattice alloys, nonconfigurational entropy and other additions to
the Alloy Theoretic Automated Toolkit. Calphad Comput. Coupling Phase Diagr. Thermochem. 2009, 33, 266–278.
[CrossRef]

17. Wróbel, J.S.; Nguyen-Manh, D.; Lavrentiev, M.Y.; Muzyk, M.; Dudarev, S.L. Phase stability of ternary fcc and
bcc Fe-Cr-Ni alloys. Phys. Rev. B 2015, 91, 024108. [CrossRef]

18. Sanchez, J.M.; de Fontaine, D. The fcc Ising model in the cluster variation approximation. Phys. Rev. B 1978,
17, 2926–2936. [CrossRef]

19. Finel, A. The cluster variation method and some applications. In Proceedings of NATO Advanced Study
Institute on Statics and Dynamics of Alloy Phase Transformations; Turchi, P.E.A., Gonis, A., Eds.; Springer:
Rhodes, Greece, 1992; pp. 495–540.

20. Lu, Z.W.; Wei, S.H.; Zunger, A.; Frota-Pessoa, S.; Ferreira, L.G. First-principles statistical mechanics of
structural stability of intermetallic compounds. Phys. Rev. B 1991, 44, 512–544. [CrossRef]

21. Lechermann, F.; Fähnle, M.; Sanchez, J.M. First-principles investigation of the Ni-Fe-Al system. Intermetallics
2005, 13, 1096–1109. [CrossRef]

22. Ackermann, H.; Inden, G.; Kikuchi, R. Tetrahedron approximation of the cluster variation method for b.c.c.
alloys. Acta Metall. 1989, 37, 1–7. [CrossRef]

23. Tepesch, P.D.; Asta, M.; Ceder, G. Computation of configurational entropy using Monte Carlo probabilities
in cluster-variation method entropy expressions. Model. Simul. Mater. Sci. Eng. 1998, 6, 787–797. [CrossRef]

24. Kumar, N.K.; Li, C.; Leonard, K.; Bei, H.; Zinkle, S. Microstructural stability and mechanical behavior of
FeNiMnCr high entropy alloy under ion irradiation. Acta Mater. 2016, 113, 230–244. [CrossRef]

25. Hart, G.L.W.; Forcade, R.W. Algorithm for generating derivative structures. Phys. Rev. B 2008, 77, 224115.
[CrossRef]

26. Taggart, G.B. Generalized Flinn operators with applications to multi-component alloys. J. Phys. Chem. Solids
1973, 34, 1917–1925. [CrossRef]

27. Cenedese, P.; Gratias, D. Multicomponent formalism in the mean-field approximation: A geometric
interpretation of Chebychev polynomials. Phys. A Stat. Mech. Appl. 1991, 179, 277–287. [CrossRef]

28. Sluiter, M.H.; Kawazoe, Y. Invariance of truncated cluster expansions for first-principles alloy
thermodynamics. Phys. Rev. B 2005, 71, 1–2. [CrossRef]

29. Blum, V.; Zunger, A. Prediction of ordered structures in the bcc binary systems of Mo, Nb, Ta, and W from
first-principles search of approximately 3,000,000 possible configurations. Phys. Rev. B Condens. Matter
Mater. Phys. 2005, 72, 3–6. [CrossRef]

30. Kikuchi, R. A Theory of Cooperative Phenomena. Phys. Rev. 1951, 81, 988–1003. [CrossRef]
31. Barker, J.A. Methods of Approximation in the Theory of Regular Mixtures. Proc. R. Soc. A Math. Phys.

Eng. Sci. 1953, 216, 45–56.
32. Gratias, D.; Sanchez, J.; De Fontaine, D. Application of group theory to the calculation of the configurational

entropy in the cluster variation method. Phys. A Stat. Mech. Appl. 1982, 113, 315–337. [CrossRef]
33. Wróbel, J.S.; Nguyen-Manh, D.; Kurzydłowski, K.J.; Dudarev, S.L. A first-principles model for anomalous

segregation in dilute ternary tungsten-rhenium-vacancy alloys. J. Phys. Condens. Matter 2017, 29, 145403.
[CrossRef] [PubMed]

34. Blöchl, P.E. Projector augmented-wave method. Phys. Rev. B 1994, 50, 17953–17979. [CrossRef]

66



Entropy 2019, 21, 68

35. Kresse, G.; Hafner, J. Ab initio molecular-dynamics simulation of the liquid-metal-amorphous-semiconductor
transition in germanium. Phys. Rev. B 1994, 49, 14251–14269. [CrossRef]

36. Kresse, G.; Joubert, D. From ultrasoft pseudopotentials to the projector augmented-wave method. Phys. Rev. B
1999, 59, 1758–1775. [CrossRef]

37. Kresse, G.; Hafner, J. Ab initio molecular dynamics for liquid metals. Phys. Rev. B 1993, 47, 558–561.
[CrossRef]

38. Kresse, G.; Furthmüller, J. Efficient iterative schemes for ab initio total-energy calculations using a plane-wave
basis set. Phys. Rev. B 1996, 54, 11169–11186. [CrossRef]

39. Kresse, G.; Furthmüller, J. Efficiency of ab initio total energy calculations for metals and semiconductors
using a plane-wave basis set. Comput. Mater. Sci. 1996, 6, 15–50. [CrossRef]

40. Perdew, J.P.; Burke, K.; Ernzerhof, M. Generalized Gradient Approximation Made Simple. Phys. Rev. Lett.
1996, 77, 3865–3868. [CrossRef]

41. Monkhorst, H.J.; Pack, J.D. Special points for Brillouin-zone integrations. Phys. Rev. B 1976, 13, 5188–5192.
[CrossRef]

42. Van de Walle, A.; Asta, M. Self-driven lattice-model Monte Carlo simulations of alloy thermodynamic
properties and phase diagrams. Model. Simul. Mater. Sci. Eng. 2002, 10, 521–538. [CrossRef]

43. Lavrentiev, M.Y.; Wróbel, J.S.; Nguyen-Manh, D.; Dudarev, S.L.; Ganchenkova, M.G. Magnetic cluster
expansion model for random and ordered magnetic face-centered cubic Fe-Ni-Cr alloys. J. Appl. Phys. 2016,
120, 043902. [CrossRef]

44. Zhang, Y.; Lu, Z.; Ma, S.; Liaw, P.; Tang, Z.; Cheng, Y.; Gao, M. Guidelines in predicting phase formation of
high-entropy alloys. MRS Commun. 2014, 4, 57–62. [CrossRef]

c© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

67





entropy

Article

Entropy Determination of Single-Phase High Entropy
Alloys with Different Crystal Structures over a Wide
Temperature Range

Sebastian Haas 1, Mike Mosbacher 1, Oleg N. Senkov 2, Michael Feuerbacher 3,

Jens Freudenberger 4,5, Senol Gezgin 6, Rainer Völkl 1 and Uwe Glatzel 1,*

1 Metals and Alloys, University Bayreuth, 95447 Bayreuth, Germany; sebastian-haas@uni-bayreuth.de (S.H.);
mike.mosbacher@uni-bayreuth.de (M.M.); rainer.voelkl@uni-bayreuth.de (R.V.)

2 UES, Inc., 4401 Dayton-Xenia Rd., Dayton, OH 45432, USA; oleg.senkov.ctr@us.af.mil
3 Institut für Mikrostrukturforschung, Forschungszentrum Jülich, 52425 Jülich, Germany;

m.feuerbacher@fz-juelich.de
4 Leibniz Institute for Solid State and Materials Research Dresden (IFW Dresden), 01069 Dresden, Germany;

j.freudenberger@ifw-dresden.de
5 TU Bergakademie Freiberg, Institut für Werkstoffwissenschaft, 09599 Freiberg, Germany
6 NETZSCH Group, Analyzing & Testing, 95100 Selb, Germany; senol.gezgin@netzsch.com
* Correspondence: uwe.glatzel@uni-bayreuth.de; Tel.: +49-921-55-5555

Received: 31 July 2018; Accepted: 20 August 2018; Published: 30 August 2018

Abstract: We determined the entropy of high entropy alloys by investigating single-crystalline nickel
and five high entropy alloys: two fcc-alloys, two bcc-alloys and one hcp-alloy. Since the configurational
entropy of these single-phase alloys differs from alloys using a base element, it is important to quantify
the entropy. Using differential scanning calorimetry, cp-measurements are carried out from −170 ◦C to
the materials’ solidus temperatures TS. From these experiments, we determined the thermal entropy and
compared it to the configurational entropy for each of the studied alloys. We applied the rule of mixture
to predict molar heat capacities of the alloys at room temperature, which were in good agreement with
the Dulong-Petit law. The molar heat capacity of the studied alloys was about three times the universal
gas constant, hence the thermal entropy was the major contribution to total entropy. The configurational
entropy, due to the chemical composition and number of components, contributes less on the absolute
scale. Thermal entropy has approximately equal values for all alloys tested by DSC, while the crystal
structure shows a small effect in their order. Finally, the contributions of entropy and enthalpy to the
Gibbs free energy was calculated and examined and it was found that the stabilization of the solid solution
phase in high entropy alloys was mostly caused by increased configurational entropy.

Keywords: HEA; entropy; multicomponent; differential scanning calorimetry (DSC); specific heat

1. Introduction

The conventional strategy of alloy design is based on the selection of one base element for the
primary properties of a material, e.g., iron in steels or nickel in nickel-based superalloys. This base
element dominates the chemical composition, usually representing more than 80 at. %, and relatively
small amounts of other elements are added to modify the alloys’ properties [1–3]. Thus the regions
next to a single element of multicomponent phase diagrams have been well investigated in the past.

A novel way of alloy design concentrates on the unexplored centers of phase diagrams, where the
alloys consist of elements in near equiatomic ratios. Such an alloy was pointed out by Cantor et al. [1]
in 2004, when the equiatomic system of Cr, Mn, Fe, Co and Ni was found to result in a single-phase
material. This simple face-centered cubic microstructure is free of any precipitates and stable over a
wide temperature range [4]. Merely after long time annealing for 500 h at intermediate temperatures
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precipitations may segregate, e.g., a Cr-rich phase at 700 ◦C and three different phases (NiMn-rich,
FeCo-rich, Cr-rich) at 500 ◦C [5]. However, a single-phase microstructure is the key factor for a high
configurational entropy. In the same year Yeh et al. [3] pointed out the concept of high entropy alloys,
independent of Cantor’s work. His definition of high entropy alloys is to consist of at least five or
more elements with concentrations of each element between 5 and 35 at. % [6].

Many elements, and therefore a high value of configurational entropy, can lead to a more stable
solid-solution phase with randomly distributed atoms [3]. A solid-solution phase with statistically
distributed atoms in the crystal lattice is claimed to lead to interesting and outstanding properties, e.g.,
high hardness, wear resistance, high temperature strength and stability, sluggish diffusion, oxidation
and corrosion resistance [6,7].

Yeh et al. [8] named four core effects, which are characteristic for microstructures and properties
of high entropy alloys: the formation of one random solid-solution phase to reach a high entropy
effect [8]; severe lattice distortion in the random solid-solution [9]; sluggish diffusion kinetics [6,10];
the so called “cocktail effect” [8].

Nevertheless the major part of investigated alloys with compositional requirements of high
entropy alloys do not form single solid-solutions, but consist of several, mostly intermetallic phases,
which can be brittle, difficult to process. This observation particularly disagrees with the crucial issue
of a single-phase microstructure.

Numerous examinations deal with the prediction of the conditions when a solid-solution phase is
stable or additional intermetallic compounds are forming [7,10–12], but no reliable approaches have
yet been proposed. Thus we follow the idea to calculate the total Gibbs free energy of an alloy system
in single-phase state to compare it with formation enthalpies of several intermetallic compounds.
Therefore the determination of thermal enthalpy and especially of entropy over a wide temperature
range is necessary. A short insight in thermodynamics and in the way of calculating different parts of
the entropy is given in the following part of the introduction:

The terms and definitions of the entropy theory, as well as the basic approach of determinations
refer to Gaskell [13]. Changes in Gibbs free energy ΔGtotal of a system at any state and temperature
depends on the entropy Stotal and on the enthalpy Hthermal (see Equation (1)). The consideration of
both thermochemical parameters leads to a description of the equilibrium state of an alloy system by
minimization of the Gibbs free energy at a fixed temperature:

ΔGtotal = ΔHthermal − TΔStotal, (1)

The entropy of an alloy consists of the configurational entropy Sconf [7] and the thermal entropy
Sthermal [13]:

Stotal = Sconf + Sthermal, (2)

ΔSconf = −R·∑n
i=1 xi· ln xi, (3)

The calculation of configurational entropy, also called mixing entropy, is given in Equation (3)
with n as the number of elements, xi the concentration of each element i and R as the universal gas
constant. The equation is derived from the mixing of noble gases and is adopted to fully disordered
solid solution, which are assumed in our work. If elements are distributed non-equally between
possible sub-lattices, then a more general equation should be used [14]. In case of an equiatomic
alloy, Equation (3) is reduced to ΔSconf = R ln n. Thus the configurational entropy of 5-component
equiatomic alloy is ~1.6·R. At 0 K the resulting total entropy may not be zero. This does not violate the
third law of thermodynamics ( dS

dT

∣∣∣
T=0

= 0) which is often misinterpreted as S(T = 0) = 0. Crystalline
solids may exhibit a non-zero entropy at the absolute zero point due to a randomly crystallographic
orientation. A change of entropy in this point is not possible, because there is no ability of motion
or diffusion.
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The thermal entropy Sthermal can be directly determined by measuring the temperature dependent
heat capacity at constant pressure cp(T) by differential scanning calorimetry (DSC):

ΔSthermal(T) =
∫ T

0
cp(T)

1
T

dT, (4)

Next to the entropy, there is an enthalpy-contribution to the Gibbs free energy, mentioned in
Equation (1). This thermal enthalpy can be calculated using Equation (5):

ΔHthermal(T) =
∫ T

0
cp(T)dT, (5)

Therefore, the total change in Gibbs free energy at a certain temperature is presented in the
following Equation (6). Setting the value of configurational entropy to zero, just the thermal entropy is
considered and the result is the change in thermal Gibbs free energy:

ΔGtotal = ΔHthermal − TΔStotal =
∫ T

0
cp(T)dT − T

(
ΔSconf +

∫ T

0
cp(T)

1
T

dT
)

, (6)

A schematic drawing of cp from 0 K to temperatures in the range of incipient melting after reaching
the solidus temperature TS is given in Figure 1a. For lower temperatures cp(T) can be extrapolated
down to 0 K following the Debye T3-law [13]. For temperatures close to room temperature (RT) the
heat capacity is close to 3R if there is no change in magnetic behavior and no phase transformation.
This is known as the Dulong-Petit law, which states that every solid that consists of N atoms has
3N modes of vibration (corresponding to the freedom of motion in three dimensions). Energetic
considerations using the equipartition theorem lead to cp = 3·R for sufficiently high temperatures
(RT). DSC measurements are carried out until the solidus temperature is reached and the cp-value
rises dramatically. In Figure 1b, the calculated thermal entropy and total entropy are schematically
illustrated. The thermal entropy is shifted vertically by the configurational entropy over the whole
temperature range, in case there are no contributions by phase changes. This is due to the low influence
of various alloys on the values of thermal entropy, while the configurational entropy has a high impact.
The vertical offset between thermal and total entropy, caused by the alloys’ configuration, is still
holding on after melting in the liquid state.

Figure 1. Schematic drawing (a) of the heat capacity of an ideal metal from 0 Kelvin to the liquid state
with no change in magnetic behavior and no phase transition over the whole temperature range and
(b) of the calculated thermal entropy and total entropy from 0 K to the liquid state.
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2. Materials and Methods

The temperature dependent molar heat capacity cp(T) of the specimen was experimentally
determined in alumina crucibles using differential scanning calorimetry (DSC 204, Netzsch, Selb,
Germany) in the temperature range from −170 ◦C to 600 ◦C under a flushing flow of nitrogen. In this
temperature range oxidation of the samples is not critical. For T = 20 ◦C − TS (if TS < 1600 ◦C) samples
were measured using a Netzsch DSC 404 F1 Pegasus under an Ar 5.0 gas flush with a rate of 70 ml/min
in crucibles composed of 80% Pt and 20% Rh. The crucibles are lined with ceramic inlays to prevent
interaction of the metallic specimens with the Pt-Rh crucible. The calibration of temperature and
enthalpy of the two Netzsch devices was performed using the calibration set 6.239.2–91.3 under the
conditions of 10 K/min and a nitrogen flow of 40 mL/min. The two measurements were evaluated for
each material and the curves were connected in the common temperature range from room temperature
to 600 ◦C.

Single-crystalline (SX) nickel and SX-Cantor alloy (favored equiatomic composition of Cr, Mn, Fe,
Co, Ni) were cast using a proprietary Bridgman investment casting furnace. Cylindrical specimens (Ø
5 mm, height 1 mm) were then cut out of the rods by electrical discharge machining (EDM). All other
alloys were in poly-crystalline state. The bcc-alloys were provided by Senkov et al. [15], the noble
metal alloy by Freudenberger et al. [16] and the hcp-alloy by Feuerbacher et al. [17]. The recast layer of
the EDM samples was removed by etching and the base of all samples was finely ground with SiC
paper up to 2000 grit to ensure good thermal contact to the DSC-sensor. All materials tested several
times showed good reproducibility in their DSC-signal, even at different heating rates of 10 K/min
and 20 K/min respectively.

Except for pure nickel all materials belong to the high entropy alloys group. They form a single-phase
microstructure and contain at least four elements in desired, near equiatomic composition. The single-phase
solid-solution has been confirmed by the authors using X-ray diffraction experiments. Homogenization
of the samples was reached by very slow cooling rates after melting, except of fcc-noble metal that was
annealed for 24 h at 1000 ◦C and bcc 5-component was annealed for 24 h at 1200 ◦C.

Although the ROM may only represent a very rough estimate of the melting temperature of the
alloys, it has been applied for the bcc-5 component and hcp-alloys. The reasons are twofold: (i) the
melting temperature of the bcc-5 component alloy cannot be experimentally determined with our
set-up and (ii) we are facing significant reactions of the metals with the crucible during investigation
and, therefore, the determined values would not reflect the samples under investigation.

The Mn content of 11 at. % in the Cantor alloy is due to the single-crystal investment casting
process. Mn evaporates from the melt in the vacuum of 10−2 Pa of the Bridgman furnace during the
slow withdrawal of the single-crystal.

3. Results and Discussion

The specific heat capacity in units of J/(g·K) has been converted into the molar heat capacity in
units of J/(mol·K) by multiplication with the molar mass of the alloys corresponding to their chemical
composition. Figure 2 shows the molar heat capacity of all materials as a function of temperature.
For temperatures below −170 ◦C, the curves were extrapolated using the fit-function a·T3 (parameter
a is listed in Table 1) and cp(0 K) = 0.

Table 1. Values of the parameter a in J/mol·K4 in the fit-function a·T3.

hcp bcc-4 Comp. bcc-5 Comp. fcc-Cantor fcc-Nickel fcc-Noble

1.8 × 10−5 7.6 × 10−6 8.2 × 10−6 9.8 × 10−6 9.0 × 10−6 1.0 × 10−5
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Figure 2. Molar heat capacities of pure nickel and five high entropy alloys. Green crosses indicate TS,
red lines show the beginning of oxidation or reactions with the crucible that make the data not evaluable.

Table 2. Sample labelling, crystal specification, chemical composition (measured by μ-XRF) and solidus
temperature. In case of pure Ni, TS is equal to the melting temperature Tm. The rule of mixture (ROM)
is used for calculation, if no literature data is available. All alloys are in a single-phase state over the
entire temperature region.

Alloy Name Used
in This Paper

Crystal Type
and Structure

Chemical
Composition (at. %)

Sconf in J/(mol·K)
Solidus

Temperature TS

fcc-Ni SX-fcc Pure Ni (>99.99%) 0 1455 ◦C [18]
fcc-Cantor SX-fcc Co22Cr24Fe22Mn11Ni21 1.58·R 1280 ◦C [19]

fcc-noble metal PX-fcc Au16Cu17Ni17Pd34Pt16 1.56·R 1196 ◦C
bcc-4 component PX-bcc Mo27Nb27Ta23W23 1.59·R 2904 ◦C [15]
bcc-5 component PX-bcc Hf21Mo20Nb21Ti17Zr21 1.38·R 2170 ◦C (ROM)

hcp PX-hcp Ho18Dy16Y28Gd20Tb18 1.61·R 1416 ◦C (ROM)

The two single-crystal fcc-materials, Nickel and Cantor alloy, show a steady increase in cp until
shortly before their melting points. Both curves are very close to each other with the exception of
the Curie-peak in Ni at around 356 ◦C, which lies in excellent agreement with literature data (e.g.,
354 ◦C [20]). The Cantor alloy shows a broad plateau-like peak between 600 ◦C and 800 ◦C. This peak
is most likely caused by a change in magnetic behavior. Jin et al. [21] have shown that Co and Fe shift
the Curie temperature of Ni to higher temperatures and their investigations on Cantor alloy show the
exact same plateau-like peak starting at around 600 ◦C. Incipient melting at the solidus temperatures
is indicated by excessive jumps in the curves. The solidus temperatures of fcc-nickel, fcc-Cantor and
fcc-noble do not correspond to the values listed in Table 2, but differ by about 30 K in case of fcc-Cantor
and fcc-nickel and by about 70 K in case of fcc-noble. The other three alloys show decreasing specific
heat capacities at elevated temperatures, which indicates reactions with the atmosphere and/or the
crucible. High chemical interaction and oxidation with the ceramic liners of the crucibles occur with
the alloys Hf-Mo-Nb-Ti-Zr and Ho-Dy-Y-Gd-Tb, so their curves are finally cut-off at 700 ◦C and 900 ◦C
respectively. Melting intervals, starting from the solidus temperatures, are not evaluable for the bcc-5
component and hcp alloy. In case of the bcc-4 component alloy the curve mistakenly suggests the
solidus temperature to be at about 1520 ◦C. However, Senkov et al. [15] expect a melting temperature
of about 2904 ◦C, using the rule of mixture. This issue is likely to be due to chemical reactions with the
Pt-Rh crucible and therefore we have to regard the values of the heat capacity of bcc-4 component for
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higher temperatures with caution. For further calculations concerning entropy, enthalpy and Gibbs
free energy, the data of bcc- and hcp-alloys respectively are just used in the temperature range until
the red lines in Figure 2.

Table 2 gives an overview of all tested samples, their crystal structures, chemical compositions,
configurational entropies and solidus temperatures. Note that in case of bcc-5 component and the hcp
alloy, there was no literature data concerning solidus temperature available. Therefore, the possible
solidus temperatures were calculated using the rule of mixture (ROM).

Obvious shifts in the trend of cp indicate phase transitions or changes in the magnetic behavior,
e.g., the Curie point of nickel at 356 ◦C as mentioned above. The hcp-alloy Ho-Dy-Y-Gd-Tb shows a
very pronounced peak at −120 ◦C, probably due to a not investigated magnetic phase transformation,
because oxidation seems to be very unlikely in such a low temperature range.

Of particular interest are the heat capacities at room temperature, where all curves seem to
approach a cp value close to 25 J/(mol·K) = 3R (see Figure 3a–d), according to the Dulong-Petit-law [13].
The bcc-5 component equiatomic alloy, Hf-Mo-Nb-Ti-Zr, shows the lowest molar heat capacity at room
temperature with about 23.5 J/(mol·K) (Figure 3b), the hcp-alloy Ho-Dy-Y-Gd-Tb shows the highest
value at about 30.6 J/(mol·K) (Figure 3d). The high value of the molar heat capacity of the hcp-alloy
might originate from magnetic ordering of the 4f electrons. This is likely the case as pure Gd shows
ferromagnetic ordering below 19.9 ◦C. However, this suggestion needs to be verified in future studies.
The other four alloys show RT cp-values pretty close to 25 J/(mol·K). We applied the rule of mixture
(ROM) to predict molar heat capacities of the alloys and their average molar mass (see Equation (7)).
The calculated data is in very good agreement with the experimental results and shows a maximum
deviation of 6%:

cp,alloy =
1
n
·∑n

i=1 cpi, ualloy =
1
n
·∑n

i=1 ui, (7)

Figure 3. Molar heat capacities at room temperature of the investigated alloys, both experimental and rule
of mixture (ROM) data for (a) fcc-Cantor, (b) both bcc-alloys, (c) fcc-noble and (d) the hcp-alloy. Values for
pure elements were taken from [20]. The red line indicates the Dulong-Petit law with cp(RT) ≈ 3·R.

Figure 4 shows the thermal entropy Sthermal determined with Equation (4). Sthermal is equial zero at
−273 ◦C andincreases continuously with increasing temperature having different slopes for different alloys.
The curves are drawn till shortly before the solidus temperature of the alloys, except for Ho-Dy-Y-Gd-Tb,
Hf-Mo-Nb-Ti-Zr and Mo-Nb-Ta-W where chemical reactions with the crucible/environment make the high
temperature regions inaccessible. The highest thermal entropy appears for the hcp-alloy, caused by the
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highest heat capacity at low temperatures and additionally the early peak in the cp-curve at about −120 ◦C.
The fcc-nickel, fcc-Cantor alloy and fcc noble metal alloy have almost the same temperature dependence of
Sthermal, which is noticeably weaker than that of the hcp-alloy. These fcc materials have similar Sthermal
values at any given temperature. The two bcc-alloys exhibit the lowest values of thermal entropy.

 

Figure 4. Thermal entropy Sthermal of nickel and the five high entropy alloys.

The total entropy Stotal = Sconf + Sthermal over the whole temperature range starting from absolute
zero is plotted in Figure 5. While the curve of nickel starts at 0 J/(mol·K) at absolute zero, the bcc-4
component alloy Mo-Nb-Ta-W exhibits a configurational entropy of R ln(4) = 1.38·R = 11.5 J/(mol·K),
because of its four components. All other high entropy alloys, with five different elements show
an offset of R ln(5) = 1.6·R = 13.4 J/(mol·K). In theory the configurational entropy is equal for all
alloys with the same number and concentrations of elements. No considerations are done with respect
tosimilarities between participating atoms, like differences in the atomic radius or crystal structures of
the pure metals. In our case, all elements in the hcp-alloy promote a hexagonal close packed crystal
structure and exhibit quite equal atomic radii. The bcc-5 component alloy however consists of elements
of different crystal structures with larger atomic size differences. Nevertheless, the same value of Sconf
is assumed, as stated in the Gibbs paradox [22]. For dislocation movement, however, different atom
sizes in solid-solution crystal structures indeed play an important role. Consequently, this mixing
paradox will be investigated thoroughly in a future work. It can be seen from Figure 5 that at any
given temperature Stotal is the smallest for fcc-Ni, followed by the bcc alloys, then the fcc alloys and
being the highest for the hcp alloy.

Figure 5. Total entropy as a sum of temperature dependent thermal entropy Sthermal and constant
composition dependent configurational entropy Sconf.
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The contribution to the Gibbs free energy is the product of entropy and temperature. Using thermal
and configurational entropy and their sum, we can examine their contributions to the Gibbs free energy
separately. Figure 6a shows the energy contribution of thermal entropy. We can see a clear order with the
alloy crystal structure: the highest contribution by thermal entropy is given by the hcp-alloy, mainly because
of the high value of molar heat capacity at low temperatures (−120 ◦C) and also at room temperature. Pure
nickel, noble and Cantor, all fcc-structures, overlie each other over a wide temperature range. The lowest
heat capacities and therefore thermal entropy contributions are given by the bcc (4 and 5 component)
alloys. Using the sum of thermal and configurational entropy, the total entropy times the temperature is
shown in Figure 6b. Alloys with the same crystal structure and configurational entropy are close to each
other. For example, the total entropy input to Gibbs free energy for fcc-Ni is smaller than for fcc Cantor
and fcc nobel metal alloys. To explore the difference, two materials with fcc-structure, pure nickel and
Cantor alloy, are drawn in Figure 7a in a temperature range from 600 ◦C to 1600 ◦C. Dashed lines show the
configurational entropy contribution to Gibbs free energy of both materials, calculated by Equation (3).
While the contribution of configurational entropy rises with higher temperatures for fcc-Cantor alloy,
fcc-nickel does not exhibit any configurational entropy and, therefore, has no contribution to Gibbs free
energy. Continuous lines show the product of the temperature and the total entropy. Thus the influence of
configuration and thermal input can be quantified at certain temperatures. At 1000 ◦C the gap between
continuous and dashed lines is almost similar, meaning that at this temperature there is a negligible
difference in the influence of thermal entropy, but just the chemical composition of the solid-solutions
affects the varying energy contributions. The energy level of total entropy contribution is about 90 kJ/mol
for fcc-nickel and 108 kJ/mol for fcc-Cantor. The difference of 18.0 kJ/mol is very close to fcc-Cantor
configurational entropy contribution of 1273 K·R·ln(5) = 17 kJ/mol (T·Sconf) at this energy level, resulting
that thermal entropy has an equal impact for materials with the same crystal structures (in this case fcc)
and thus cannot play role in stabilizing a solid solution phase in multicomponent alloys. Figure 7b shows a
bigger section of the area near the melting interval of both materials. The two values of melting enthalpy
13.3 kJ/mol and 15.0 kJ/mol have been detected by DSC and it is obvious that differences in entropy
contribution to Gibbs free energy still remains dependent from the configurational entropy until the end of
the solid state. Investigations on the fcc-noble alloy instead of fcc-Cantor yield to similar results and are,
therefore, not shown in Figure 7 in detail.

 

Figure 6. Contribution of thermal entropy (a) and total entropy (b) of nickel and all high entropy
alloys to Gibbs free energy. The horizontal arrows refer to Figure 7 with magnified details of a special
temperature range.
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Figure 7. Contribution of total and configurational entropy of fcc-nickel and fcc-Cantor to Gibbs free
energy in the range from (a) 600 ◦C to 1600 ◦C and from (b) 1100 ◦C to 1600 ◦C.

Gibbs energy has another input besides entropy, namely thermal enthalpy, Hthermal. The temperature
dependence of the enthalpy, calculated with Equation (5), is displayed in Figure 8a, while Figure 8b,c
show thermal Gibbs free energy and total Gibbs free energy, respectively. Similar to Sthermal, Hthermal
slightly depends on the type of the crystal structure having smallest values for the bcc alloys and highest
values for the hcp alloy and shows almost no dependence on the number of components and alloy
composition (Figure 8a). As a result of such behavior, the thermal part of the Gibbs free energy, ΔGthermal,
also does not depend on the number and concentration of the alloying elements, but its temperature
dependence is slightly stronger for the hcp alloy and weaker for the bcc alloys relative to the fcc materials
(Figure 8b). On the other hand, the total Gibbs free energy, ΔGtotal, which additionally includes the
configurational term, has a stronger temperature dependence and thus becomes noticeably smaller at
higher temperatures for the alloys with larger configurational entropy (Figure 8c). These observations
indicate that, although the contribution of Sthermal to the Gibbs free energy is much higher than that of than
Sconfig, at any given temperature ΔGthermal is nearly the same for the simple and complex alloys of the same
type of crystal structure, i.e., Sthermal does not play any role in stabilizing a solid solution phase in complex,
multicomponent alloys: On the other hand, Sconfig increases with the number of constituents, which
noticeably decreases ΔGtotal of a multicomponent solid-solution relative to that of pure metals, especially
at high temperatures. Moreover, in some specific cases ΔGtotal of a multicomponent solid-solution with
high Sconfig can become smaller than ΔGtotal of competing intermetallic phases, resulting in a single-phase
solid solution alloy.
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Figure 8. Temperature dependence of (a) thermal enthalpy, (b) thermal part of Gibbs free energy and
(c) total Gibbs free energy for the studied materials.

4. Conclusions

In this work the heat capacity, entropy, enthalpy and Gibbs free energy of six different single-phase
solid solution alloys (three fcc-alloys, two bcc-alloys and one hcp-alloy) were experimentally determined
and investigated over a wide temperature range.

• At room temperature (RT), molar heat capacities of the studied alloys are close to 3R, in accordance
with the Dulong-Petit law.

• The measured RT heat capacities of the studied alloys are in good agreement with the heat
capacities calculated using the rule of mixture of pure elements.

• Thermal entropy and thermal enthalpy increase while the thermal part of the Gibbs free energy
decreases with an increase in temperature. The temperature dependence of these quantities
is the strongest for the hcp alloy and weakest for the bcc alloys, with the fcc alloys showing
intermediate behavior. For the alloys with the same crystal structure, the thermal contributions to
the Gibbs free energy do not depend on the number and concentration of the alloying elements.
Therefore, in spite the thermal entropy, Sthermal, is much higher than the configurational entropy,
Sconf, at T > 20 ◦C, Sthermal does not increase thermal stability of a solid solution phase in complex,
multicomponent alloys relative to simple alloys or pure metals.

• The compositional dependence of the Gibbs free energy of the solid solution alloys is totally due
to the configurational entropy. Of the same crystal structure, solid solution alloys with higher
Sconf have stronger temperature dependence of the Gibbs free energy and smaller ΔGtotal values
at a given temperature. Thus, although being smaller than Sthermal, only Sconf contributes to the
thermal stability of the complex, multicomponent solid solution alloys.
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Abstract: This study examines one of the limitations of CALPHAD databases when applied to
high entropy alloys and complex concentrated alloys. We estimate the level of the thermodynamic
description, which is still sufficient to correctly predict thermodynamic properties of quaternary
alloy systems, by comparing the results of CALPHAD calculations where quaternary phase space is
extrapolated from binary descriptions to those resulting from complete binary and ternary interaction
descriptions. Our analysis has shown that the thermodynamic properties of a quaternary alloy
can be correctly predicted by direct extrapolation from the respective fully assessed binary systems
(i.e., without ternary descriptions) only when (i) the binary miscibility gaps are not present, (ii) binary
intermetallic phases are not present or present in a few quantities (i.e., when the system has low
density of phase boundaries), and (iii) ternary intermetallic phases are not present. Because the
locations of the phase boundaries and possibility of formation of ternary phases are not known
when evaluating novel composition space, a higher credibility database is still preferable, while
the calculations using lower credibility databases may be questionable and require additional
experimental verification. We estimate the level of the thermodynamic description which would be
still sufficient to correctly predict thermodynamic properties of quaternary alloy systems. The main
factors affecting the accuracy of the thermodynamic predictions in quaternary alloys are identified by
comparing the results of CALPHAD calculations where quaternary phase space is extrapolated from
binary descriptions to those resulting from ternary system descriptions.

Keywords: alloy design; structural metals; multi-principal element alloys; CALPHAD

1. Introduction

Computational approaches are now a vital aspect of materials science, which enable the
prediction of unknown data, such as materials properties and phase stability, and the more rapid
exploration of design space. CALPHAD (Calculation of Phase Diagrams) is an efficient computational
thermodynamic technique which permits the prediction of the phase equilibria and thermodynamic
properties of multicomponent systems from those of the respective binary and ternary subsystems.
CALPHAD practices also include the simulation of solidification, mapping of onset driving forces
and nucleation barriers for precipitation [1], modeling of phase transformations [2], and estimation of
stacking fault energy [3], for example. The development of multicomponent thermodynamic databases
caused a growing interest in the calculations of phase diagrams for high entropy alloys (HEAs) and
complex concentrated alloys (CCAs) [3–7] allowing the exploration of the composition space to be
accelerated [8–10]. In this context, it is of paramount importance to analyze the reliability of the
predictions made using commercial dedicated HEA databases.
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The reliability of the predictions depends upon the quality of the assessment of the Gibbs energy
parameters of the phases stored in the databases. The CALPHAD approach faces new challenges
when applied to the development of multi-principal element alloys (HEAs and CCAs) due to large
extrapolations from the thermodynamic models which may lead to inaccurate evaluations of the
Gibbs energies. Many CALPHAD databases have been developed for traditional alloys so the full
thermodynamic assessment of the Gibbs energies is usually given only for compositions enriched
with one main element. In contrast, HEAs and CCAs lie in the central regions of compositional
space, far from the known boundaries delimited by the binary and ternary subsystems. Consequently,
the calculations in these vast composition spaces rely on the availability and quality of the descriptions
of the lower order constituent systems and require large extrapolations from these lower order systems
by assigning higher order interaction parameters, which are refined using available experimental
data. Reliability and accuracy of the predictions increases when using more complete, experimentally
verified, thermodynamic descriptions specially designed for CCA compositions (e.g., TCHEA and
PanHEA special HEA databases developed by Thermo-Calc Software AB and CompuTherm LLC,
respectively). A complete thermodynamic description (full assessment) of binary and ternary systems
is generally sufficient to correctly describe thermodynamic properties of higher order (quaternary,
quinary, etc.) systems because the probability of the occurrence of quaternary or higher order
intermetallic phases is low and decreases rapidly with an increase in the number of components.
Therefore, complete thermodynamic description of binary and ternary systems is considered to
be sufficient for the correct prediction of thermodynamic properties of higher order systems by
extrapolation from the lower order systems. Unfortunately, even the most developed thermodynamic
databases lack in the complete thermodynamic description (full assessment) of all binary and,
especially, ternary systems based on the elementary components present in the database. For example,
the TCHEA3 database includes 26 elements that can form 325 binary and 2600 ternary systems,
but only 294 binary and 136 ternary systems are assessed in the full range of composition and
temperature. Therefore, complete thermodynamic description is currently unavailable for a huge
number of quaternary (or higher order) alloy systems, which may have a potential practical interest.
For those reasons, it is very important to know what the minimum level of the thermodynamic
assessment of binary and ternary systems is to be sufficient to qualitatively predict equilibrium phases
and phase transformations in higher order CCAs.

The goal of this paper is to evaluate the quality of prediction of phases and phase compositions
in a quaternary system at different levels of the assessment (thermodynamic description) of the
respective ternary systems and a complete description of the respective binary systems. To achieve
this goal, we used the current capabilities of a commercially specialized CALPHAD database and
identified quaternary alloys systems that have a complete description of their binary and ternary
sub-systems. We then calculated ternary and quaternary phase diagrams for these quaternary systems
and considered them as “reference diagrams”, assuming that they are 100% accurate relative to
known experimental data due to a complete thermodynamic description. A parallel coordinate plots
method, which is briefly described in the following section, was used to display three-dimensional
data related to the extent of phase regions in the quaternary compositional space. Finally, we artificially
reduced the levels of the thermodynamic description of the ternary systems, calculated the ternary
and quaternary phase diagrams using this incomplete description, and compared the calculations
with the reference diagrams. This analysis allowed us to identify conditions when the databases with
incomplete thermodynamic descriptions can still be used to reliably predict thermodynamic properties
of quaternary systems.

2. Methods

Senkov et al. [8,9] defined credibility criteria for CALPHAD calculations based on the fraction
of fully thermodynamically assessed binary systems (FAB) and the fraction of fully assessed ternary
systems (FAT) included in the database. By definition, a fully assessed system is one that has a complete
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thermodynamic description (of the respective elements, binary systems and ternary systems) within a
given thermodynamic database allowing CALPHAD software to calculate thermodynamic properties
for this system, which agree with the experimentally available data within the whole composition
and temperature range. Using these theoretical credibility criteria, Wertz et al. [11] have recently
demonstrated the importance of (a) the number of assessed constituent binary systems and (b) the
compositional distance from them, on the accuracy of the predictions for ternary systems. Their
study was carried out by comparing equilibrium calculations of the same ternary systems using eight
different databases developed by CompuTherm LLC (Madison, WI, USA). Each of the studied ternary
systems had complete thermodynamic descriptions (FAB = 1, FAT = 1) in at least one database, while
other databases calculated the ternary space by extrapolation from binary descriptions with different
levels of FAB and FAT = 0 (Figure 1a).

 

Figure 1. The possible values of the fraction of assessed binaries (FAB) and fraction of assessed ternaries
(FAT) quantifying the fraction of binary/ternary descriptions assessed within a database for ternary
and quaternary alloys. FAB = 1 and FAT = 0 represents partially assessed conditions, while FAB = 1
and FAT = 1 represents fully assessed conditions.

Here we expand a similar approach to higher order systems to evaluate the ability to predict
quaternary phase diagrams. A quaternary system has 6 constituent binaries and 4 ternaries, so the
possible FAB levels are 0, 1/6, 1/3, 1/2, 2/3, 5/6 or 1 for databases that include full thermodynamic
descriptions for 0, 1, 2, 3, 4, 5 or 6 of the constituent binary systems, and the FAT values are 0, 1/4,
1/2, 3/4, or 1 for databases that include full thermodynamic descriptions for 0, 1, 2, 3, or 4 of the
constituent ternary system (Figure 1b). The commercial database TCHEA3 from Thermo-Calc Software
AB (Stockholm, Sweden) used in the present work includes 26 elements, 294 fully assessed binary and
136 fully-assessed ternary descriptions, providing few quaternary systems with FAB = 1 and FAT = 1
(e.g., Co-Cr-Fe-Ni and Co-Cu-Fe-Ni), and FAB = 1 and FAT = 3/4 (e.g., Al-Co-Ni-Ti, Al-Cu-Fe-Ni,
Al-Cu-Fe-Ti, Al-Cu-Ni-Ti, Al-Mn-Ni-Ti, Al-Fe-Ni-Ti, Al-Ni-Si-Ti). Among them, we have selected three
phase diagram templates for this study:

• Co-Cr-Fe-Ni (FAB = 1, FAT = 1), which consists of 3 disordered solid solutions (fcc, bcc, hcp) and
one binary intermetallic having ternary solubility (σ);

• Co-Cu-Fe-Ni (FAB = 1, FAT = 1), which has only disordered solid solutions (fcc and bcc phases),
with miscibility gap for fcc;

• Al-Co-Ni-Ti (FAB = 1, FAT = 3/4), which includes ordered and disordered solid solutions (fcc/L12
and bcc/B2) and several binary and ternary intermetallics.

TCHEA3 is an encrypted database which does not permit access to the values of the Gibbs free
energy parameters of the phases. However, it is possible to fix the value of any parameter using the
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commands available in the Gibbs Energy System (GES) module implemented in Thermo-Calc® software.
Using this command for all possible relevant parameters allows a comparison of the predictions for
the reference systems, referred to as FAT=1 for Co-Cr-Fe-Ni and Co-Cu-Fe-Ni, and FAT = 3/4 for
Al-Co-Ni-Ti (the Co-Ni-Ti ternary subcomponent is only partially assessed in TCHEA3), with the
results obtained when (1) setting to zero all the ternary interaction parameters for all the relevant
phases (solid solutions and a binary intermetallic having ternary solubility) but retaining ternary
intermetallics and (2) additionally suspending all the ternary intermetallics. The scenarios (1) and
(2) are referred to as FAT = 0 since they are equivalent to a database in which the ternary systems
are not assessed for the three selected quaternary systems (the description of the quaternary relies
only on the descriptions of the 6 constituent binaries). We have selected one comparison metric
which is the extent of the compositional range of each phase throughout the 3D composition space.
These data were retrieved from the phase point coordinates calculated at a fixed temperature for
12,341 equally spaced system points (2.5 at.% compositional steps) throughout the quaternary diagram.
It is worth mentioning that our methodology uses the same commercial database for calculation of
thermodynamic properties of a quaternary alloy at different levels of assessment of the respective
ternary systems, which is achieved by artificial removal of the ternary interaction parameters. At the
same time, the binary interaction parameters in the database containing the description of ternary
systems can slightly differ from the published binary assessment to better reproduce the ternary phase
diagram. However, these modifications are made in such a way that the calculated thermodynamic
properties of the respective binary systems still agree with the accepted experimental data. Therefore,
setting all ternary terms to zero (FAT=0) can still be treated as a condition with FAB = 1.

As previously discussed by Miracle and Senkov [12], and Wertz et al. [11], visualizing the extension
and topology of binary and ternary terminal solid solution phase fields into a higher order dimensional
composition space remains difficult because the properties of high dimensional objects diverge our
two or three-dimensional intuition. An alternative approach to get an insight into the phase points
(representative points of a phase, i.e., single-phase region and its boundaries) in high dimension is to
use parallel coordinate plots [3,13]. In such a plot, the axes for the variables (e.g., composition of each
alloying element and temperature) lie parallel to each other and span from the minimum to maximum
value of each variable. The coordinates of a phase (i.e., phase points) or a phase field with two or more
phases in equilibrium (i.e., system points) are visualized by segmented lines connecting each variable
(molar composition and temperature), so the number of lines connecting the composition coordinates
of a selected phase reflects the extent of that phase in the compositional space. It is then possible to
evaluate the extent of a phase (or a phase field) in the n-dimensional space of a phase diagram as
the ratio of the number of phase points over the number of system points. The ratio represents the
(hyper)-volume fraction occupied by a phase in the n-dimensional composition space.

3. Results and Discussion

Figure 2a shows an unfolded tetrahedral quaternary phase diagram for the Co-Cr-Fe-Ni system
showing the four isothermal sections of the ternary subsystems calculated at 800 ◦C under the condition
FAT = 1. The single-phase fields are highlighted by red (fcc) green (bcc) gray (hcp) and blue (sigma)
color codes, while the adjacent two- or three-phase regions are left un-colored (white). Figure 2b
shows the difference between the extents of the phase fields in the subcomponent ternaries calculated
for FAT = 1 and FAT = 0. The phase field regions where the calculations do not match are shown in
white. It can be seen that the disagreements in the calculations appear mainly in the Co-Cr-Ni and
Cr-Fe-Ni, while perfect match occurs in Co-Cr-Fe and Co-Fe-Ni. The disagreements of the FAT=1 and
FAT=0 calculations for Co-Cr-Ni mainly appear in the regions associated with hcp and δ phases and at
phase-field boundaries. In Cr-Fe-Ni, these entirely occur at the phase-field boundaries. In Figure 2c–d,
the parallel coordinate plots show the fcc phase points in the Co-Cr-Fe-Ni quaternary system for FAT = 1
and FAT = 0, respectively. There is no significant difference between both predictions. As summarized
in Figure 3, the phase points within the fcc and bcc phase fields calculated using FAT = 0 match 98%
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of the FAT = 1 predictions. These results suggest that the phase equilibria and locations of the phase
boundaries (solubility limits) delimiting the single solid solution regions in the Co-Cr-Fe-Ni quaternary
diagram are weakly sensitive to the number of assessed ternary subsystems. In other words, ternary
contributions are negligible, and the accuracy remains when extrapolating the Co-Cr-Fe-Ni quaternary
system exclusively from the six fully-assessed binary subsystems. Correct prediction of miscibility gap
and/or intermetallic phases may however require more complete description of ternary interactions.

 

Figure 2. Co-Cr-Fe-Ni system: (a) Unfolded tetrahedral quaternary phase diagram showing the
four isothermal sections of the ternary subsystems calculated at 800◦C for FAT = 1, highlighting the
single-phase fields. (b) Difference (appearing in white) between the extent of the various phase fields
calculated for FAT = 1 and FAT = 0. (c,d) Parallel coordinate plots showing the predicted range of
existence (4D compositional coordinates) of the fcc phase in the quaternary Co-Cu-Fe-Ni phase diagram
at 800 ◦C for (c) FAT = 1 and (d) FAT = 0.

The effects from canceling ternary interactions are slightly different for the Co-Cu-Fe-Ni
(Figure 4). This system contains disordered fcc and bcc phases and no intermetallic phases (Figure 4a).
The calculations with FAT = 0 correctly predict the presence and location of these phases. Perfect
match of FAT = 0 and FAT = 1 calculations occurs for the Co-Fe-Ni ternary, similar to the previous
case with the Co-Cr-Fe-Ni system. However, the main disagreement between the FAT = 0 and FAT = 1
calculations arises from incorrect predictions of the miscibility gap boundaries for the high-temperature
fcc phase in the Co-Cu-Ni and Cu-Fe-Ni ternary subcomponents (Figure 4b) and in the quaternary
volume (Figure 4c,d). The absence of ternary interactions incorrectly shifts the miscibility gap
boundaries toward higher concentrations of Ni, while the presence of these Ni-associated ternary
interactions expands the high-temperature fcc phase to higher concentrations of Cu and Fe or Co and
Cu (Figure 4b–d). Due to this, only 63% of the fcc phase points calculated from FAT = 0 match the FAT
= 1 calculations, while almost 100% agreement occurs for the bcc phase fields (Figure 3).
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Figure 3. Percentage of predictions matching FAT = 1 for the Co-Cr-Fe-Ni and Co-Cu-Fe-Ni quaternary
systems, for the fcc/L12 and bcc/B2 phase points, respectively, when neglecting ternary interactions
(FAT = 0). For the Al-Co-Ni-Ti system, the first condition corresponds to a special case of FAT = 0, when
all ternary interactions are canceled but the ternary phases are artificially retained, while the second
condition corresponds to the actual FAT = 0 condition, when both ternary interactions and ternary
phases are suspended.

 

Figure 4. Co-Cu-Fe-Ni system: (a) Unfolded tetrahedral quaternary phase diagram showing the
four isothermal sections of the ternary subsystems calculated at 800◦C for FAT = 1, highlighting the
single-phase fields. (b) Difference (appearing in white) between the extent of the various phase fields
calculated for FAT = 1 and FAT = 0. Parallel coordinate plots showing the predicted range of existence
(4D compositional coordinates) of the fcc phase in the quaternary Co-Cu-Fe-Ni phase diagram at 800 ◦C
for (c) FAT = 1 and (d) FAT = 0.
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The discrepancies between predictions performed based on ternary descriptions and those without
are even more severe for the Al-Co-Ni-Ti system (Figure 5). In addition to the disordered fcc and
bcc solid solutions, this system also contains several ordered (L12, B2) binary intermetallic (Al5Co2,
Al3Co, Al13Co4, Al9Co2, Al3Ni, Al3Ni2, BCT, Al2Ti, AlTi, AlTi3, Ni3Ti, (Co,Ni)Ti2, Laves-C15 and
Laves-C16) and several ternary intermetallic (H_L21, Laves_C14) phases (Figure 5a). The presence
of many different phase field regions in this quaternary system results in high density of boundaries
between these regions, where the main disagreements between FAT = 0 and FAT = 1 calculations occur.
In addition, FAT = 0 calculations cannot predict composition regions for ternary intermetallic phases.
Instead, they fill these regions with available binary phases (mainly the bcc and B2 phases). This can
be well visualized by comparing the bcc and B2 phase points represented in parallel coordinate plots
for FAT = 3/4 (Figure 5c) to FAB = 0 (Figure 5d).

 
Figure 5. Al-Co-Ni-Ti system: (a) Unfolded tetrahedral quaternary phase diagram showing the
four isothermal sections of the ternary subsystems calculated at 800◦C (FAT = 3/4), highlighting the
single-phase fields. In addition to the solid solution phases, the quaternary system includes several
ordered solid solutions (L12, B2), binary intermetallics (Al5Co2, Al3Co, Al13Co4, Al9Co2, Al3Ni, Al3Ni2,
BCT, Al2Ti, AlTi, AlTi3, Ni3Ti, NiTi2, Laves-C15 and Laves-C16) and several ternary intermetallics
(H_L21, Laves_C14). (b) Difference (appearing in white) between the extent of the various phase
fields calculated for FAT = 3/4 and FAT = 0 (the case when all ternary intermetallics are suspended,
see Figure 3). Parallel coordinate plots showing the predicted range of existence (4D compositional
coordinates) of the bcc phase in the quaternary Al-Co-Ni-Ti phase diagram at 800 ◦C for (c) FAT = 3/4
and (d) FAT = 0.

The different sensitivities to FAT of the calculated phase diagrams for Co-Cr-Fe-Ni, Co-Cu-Fe-Ni
and Al-Co-Ni-Ti systems result from the different thermodynamic properties and topologies of these
systems. In all the cases, the number of solid solution phases and solid-solution phase identifications
match perfectly between FAT = 1 (or 3

4 ) and FAT = 0 calculations. The main differences in the
calculations occur at or near the boundaries between different phase fields. Therefore, higher density
of these boundaries should result in lower accuracy of the FAT = 0 calculations. This observation
is in agreement with earlier results by Wertz et al. [11]. The presence of ternary phases in the
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ternary systems, which the evaluated higher order system contains, will result in incorrect FAT = 0
calculations, as the extrapolations from the binary interactions cannot predict formation of ternary
phases. Unfortunately, the locations of the phase boundaries and possible presence of ternary phases
are not known when evaluating novel composition space. Therefore, a higher credibility database
is still preferable, while the calculations using lower credibility databases may be questionable and
require experimental verification.

The Co-Cr-Fe, Co-Cr-Ni, Co-Fe-Ni and Cr-Fe-Ni behave like near-ideal mixtures of the constituent
elements so the Co-Cr-Fe-Ni quaternary does too, which results in the stabilization of the disordered
solid solutions and the absence of ternary intermetallic phases. In such cases, neglecting ternary
interaction parameters when considering FAT = 0 predictions gives approximatively the same results
as for FAT = 1 because their contributions to the Gibbs free energy are also negligible. The Co-Cu-Fe-Ni
quaternary system deviates to the near-ideal behavior due to a tendency for the demixing of the Cu-Co
and Cu-Fe constituent binaries. In this case, the extent of the miscibility gap is sensitive to the ternary
interactions and neglecting them causes incorrect predictions of the phase boundaries involving the
solid solutions with the miscibility gap.

In contrast, the Al-Co-Ni-Ti system exhibits several ordered solid solutions and binary and ternary
intermetallics. In this case, the most significant factor controlling the location of the phase boundaries
arises from the phase assemblage, i.e., the presence and proximity of ternary intermetallics, whereas the
removal of the ternary interaction parameters does not change significantly the number of phase points
matching the reference predictions when the ternary phases are maintained (Figure 3). This sensitivity
depends upon the neighboring phase regions. In particular, the assemblage around the fcc and L12

regions consists of various binary and ternary phase fields involving B2, Ni3Ti and not containing
ternary intermetallics, so the extent of the fcc region is not constrained when ternary intermetallics
are removed. In consequence, using an incomplete database (FAT = 0) does not substantially affect
the composition and boundaries of the fcc and L12 phases. On the other hand, bcc and B2 regions
are surrounded by several ternary intermetallics (γ and H_L21), so neglecting them (FAT = 0) shifts
significantly the bcc and B2 composition and boundaries, thus providing significant disagreement
between FAT = 3/4 and FAT = 0 calculations (Figure 3).

4. Conclusions

The ability of a commercial CALPHAD database for high entropy alloys to predict quaternary
phase diagrams has been evaluated through comparisons of predictions made from full binary system
descriptions with the results from full ternary system descriptions. This point is of prime interest
because even the most comprehensive databases (such as TCHEA3 from Thermo-Calc) include a
limited number (about 5%) of fully assessed ternary systems. This entails that quaternary and higher
order predictions are systematically obtained from incomplete thermodynamic descriptions and rely
almost entirely on extrapolations from binary subsystem descriptions. The analysis has led to the
following conclusions.

(1) The quality of CALPHAD calculations for 4-component alloys mainly depends on the ability
to correctly describe (a) all the phases present in binary and ternary sub-systems, including
novel ternary phases, and on (b) positions (composition and temperature) of boundaries between
different phase-field regions.

(2) Direct extrapolation from binaries to quaternary (i.e., without ternary descriptions) systems may
be acceptable only when binary miscibility gaps are not present, binary intermetallic phases
are not present or present in a few quantities (i.e., when the system has low density of phase
boundaries), and ternary intermetallic phases are not present.

(3) When ternary phases are present but not included in the thermodynamic descriptions, the
prediction accuracy of the FAT = 0 calculations will be strongly affected only for neighboring
phase regions.
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Considering that quaternary and higher order interactions are negligibly weak, and the formation
of novel quaternary intermetallics very unlikely, the present conclusions for quaternary alloys can
be extended to higher order systems. Because the locations of the phase boundaries and possibility
of formation of ternary phases are not known when evaluating novel composition space, a higher
credibility database is still preferable, while the calculations using lower credibility databases may be
questionable and require additional experimental verification.
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Abstract: We used the Thermo-Calc High Entropy Alloy CALPHAD database to determine the
stable phases of AlCrMnNbTiV, AlCrMoNbTiV, AlCrFeTiV and AlCrMnMoTi alloys from 800 to
2800 K. The concentrations of elements were varied from 1–49 atom%. A five- or six-dimensional
grid is constructed, with stable phases calculated at each grid point. Thermo-Calc was used as a
massive parallel tool and three million compositions were calculated, resulting in tens of thousands
of compositions for which the alloys formed a single disordered body centered cubic (bcc) phase
at 800 K. By filtering out alloy compositions for which a disordered single phase persists down to
800 K, composition ‘islands’ of high entropy alloys are determined in composition space. The sizes
and shapes of such islands provide information about which element combinations have good high
entropy alloy forming qualities as well as about the role of individual elements within an alloy. In most
cases disordered single phases are formed most readily at low temperature when several elements are
almost entirely excluded, resulting in essentially ternary alloys. We determined which compositions
lie near the centers of the high entropy alloy islands and therefore remain high entropy islands under
small composition changes. These island center compositions are predicted to be high entropy alloys
with the greatest certainty and make good candidates for experimental verification. The search for
high entropy islands can be conducted subject to constraints, e.g., requiring a minimum amount of
Al and/or Cr to promote oxidation resistance. Imposing such constraints rapidly diminishes the
number of high entropy alloy compositions, in some cases to zero. We find that AlCrMnNbTiV and
AlCrMoNbTiV are relatively good high entropy alloy formers, AlCrFeTiV is a poor high entropy
alloy former, while AlCrMnMoTi is a poor high entropy alloy former at 800 K but quickly becomes a
better high entropy alloy former with increasing temperature.

Keywords: high entropy alloy; bcc; phase stability; CALPHAD; composition scanning

1. Introduction

High entropy alloys (HEAs) are at present a very active field of research within metallurgy.
The vast number of possible compositions promises a very broad range of properties. While the vast
majority of (near) equi-atomic combinations of alloying elements lead to alloys with poor properties,
the small fraction of combinations with good properties still provides very promising prospects,
spurring very active research in this area.

Originally, HEAs were defined as alloys with five or more principal elements in (near) equi-atomic
amounts, which form a single disordered phase on a simple crystal lattice. Configurational entropy
was thought to be the main stabilizing factor, though it was soon shown that other factors can
be more important, see e.g., [1]. More recently, the focus of attention has widened. More alloys
that are not (near) equi-atomic have been investigated [2]. Carbon and/or nitrogen have been
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deliberately introduced to steer ferritic/austenic stability and to form finely dispersed carbides and/or
nitrides to improve mechanical properties, see e.g., [3]. Compositions are chosen to deliberately create
multi-phase materials that have better mechanical properties [4,5]. Stacking fault energies and relative
phase stabilities in multi-phase materials are engineered to induce TRIP and/or TWIP deformation
mechanisms [6–12]. Despite the extensive research effort on HEAs, the number of true HEAs found is
still rather limited [13]. The vast majority of compositions lead to the formation of alloys with very
brittle phases, like Laves and sigma phases [14]. Even many of the compositions that lead to alloys with
good properties for applications are not truly HEAs at lower temperature. These alloys (sometimes
referred to as compositionally complex alloys) may be HEAs just below the solidification temperature,
but at lower temperature their equilibrium state includes additional phases [15,16]. They often have
good low temperature properties thanks to the sluggish formation of additional phases, which allows
the disordered single phase to persist as a meta-stable state at lower temperature.

In this work we focus on finding HEAs that retain their single disordered phase down to relatively
low temperature, consisting in part of elements that promote oxidation resistance (Al up to high
temperature, Cr up to intermediate temperature in environments free of water vapour). The number of
non-equi-atomic composition variations with five or more elements is so large that experimental testing,
even with modern high-throughput screening using samples with composition gradients, is no longer
feasible. Computationally however, using CALPHAD databases to determine the stable phases as a
function of temperature on a fine grid in the composition space is possible. For the six element alloys
AlCrMnNbTiV and AlCrMoNbTiV, and five element alloys AlCrFeTiV and AlCrMnMoTi, and their
constituent alloys, we determined in a five (four) dimensional composition space where the ‘islands’
of low temperature HEA stability are located, i.e., for which compositions a single disordered phase
remains stable down to low temperature. Apart from determining islands of low temperature HEA
stability we also determine where the ‘centers’ of the islands are, i.e., which compositions remain HEAs
under small compositional changes. These compositions are also likely to have some margin against
the inevitable error inherent in the CALPHAD method, see e.g., the mismatches in the comparison
between CALPHAD predicitons and experimental results drawn up by Saal et al. [15]. The island
centre compositions are predicted to be low temperature HEAs with the greatest certainty and are
good candidates for experimental verification. Apart from selecting compositions corresponding to
the centers of islands of HEA stability, constraints can be imposed. For example, minimum amounts of
Al and/or Cr can be required to promote oxidation resistance. Also, alloys can be selected for a narrow
solidification temperature range to limit segregation during solidification.

The outline of this paper is as follows: in Section 2 we provide details on our computational
approach. In Section 3 we first explain our choice of the five and six element alloys we investigated
and present results of a simple composition optimization for these alloys. We then present results of
convergence testing of the concentration step size used in brute force scanning of the composition
space for these alloys. After that, we look at the overall HEA forming qualities of the alloys and the
roles that individual elements play in them through binary element projections. Finally, we present
results about the islands of HEA stability for our alloys, without and with constraints for minimum
concentrations of certain elements. Conclusions are reported in Section 4.

2. Computational Details

The Thermo-Calc (TC) implementation of the CALPHAD method was used to calculate stable
phases. The TC high entropy alloy v2.1 database (TCHEA2.1 [17,18]) was used within TC v2017b or
2018a, run under linux. The TCHEA2.1 database contains data for the elements Al, C, Co, Cr, Cu,
Fe, Hf, Mn, Mo, N, Nb, Ni, Re, Ru, Si, Ta, Ti, V, W and Zr. For these elements, full information on
all binary systems and 135 ternary systems is included, as well as partial information from another
308 ternary systems. Equilibrium data for some of the elements (including Fe) is available only for
~500 ◦C and above. To avoid the hazards of extrapolation, our calculations apply to the temperature
range 800–2800 K. Below 800 K diffusion is exceedingly sluggish in transition metal HEAs, so that
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equilibrium calculations are in any case more applicable to the higher temperature ranges. We found
that calculations over a continuous temperature range with TCHEA2.1 enter into infinite loops every
few dozen compositions, making automated high-throughput calculations ineffective. Also, results
are at times calculated over incomplete temperature ranges. Calculations did not go into infinite
loops when calculated with a different TC database (SSOL) or when data was calculated at discrete
temperatures rather than continuously over a temperature range. Hence, we calculated data with
TCHEA2.1 every 50 K in the 800–2800 K range (41 temperatures).

We employed a high throughput approach that is in some ways similar to the high-throughput
method used by Senkov et al. [19,20]. In their extensive study, the Pandat implementation of the
CALPHAD method was used to calculate the equilibrium phases for over 100,000 equi-atomic alloys.
Here we determine equilibrium phases for a large number of non-equi-atomic compositions for four
alloys. We used the Console.sh command line interface within TC to run typically ~100 calculations
in parallel on single cpu cores of a computing cluster. The calculation of the stable phases and their
fractions at 41 temperatures takes less than a minute on one cpu core, allowing throughput of a few
thousand compositions per core per day. For this work we calculated 3 million compositions in total.
While e.g., using a genetic algorithm to find HEA compositions [21], possibly in combination with
a constraint satisfaction algorithm [22] or performing a targeted search that optimizes an objective
function (e.g., narrow solidification temperature range or single disordered phase stability down to low
temperature) under constraints [23] are approaches that are all far less computationally demanding,
using TC as a high throughput tool is not much limited by the required cpu time or the disk space
required to store input and output files. Analysis can be time consuming if it is done post hoc in serial
over hundreds of thousands of output files. Analysis should ideally be included right after each TC
calculation so that it is carried out in parallel, either using external tools or the TC_Python module.

3. Results and Discussion

3.1. Selection of Alloys, Extending the HEA Temperature Range

HEAs containing Al, Cr and Ti are rather likely to have a bcc crystal structure. Pure Cr has a bcc
crystal structure and while Ti has an hcp structure at room temperature, it assumes a bcc structure
above 1155 K. While pure Al has an fcc crystal lattice, it is known to promote the bcc structure in
transition metal based HEAs [24]. The work by Senkov et al. [19,20] reported both five element and six
element bcc HEAs (Tables 14 and 15 in [19]). TCHEA2.1 did not confirm all bcc HEAs predicted in [22],
but several six element HEAs containing Al and Cr, including AlCrMnNbTiV and AlCrMoNbTiV,
were confirmed to be HEAs. AlCrMnNbTiV is predicted to be a single disordered bcc phase from
~1550–1750 K, AlCrMoNbTiV from ~1200–2100 K. According to TCHEA2.1 the five element HEA
AlCrTaTiV starts to form a sigma phase just before solidification is complete. AlCrFeTiV is predicted
to be a disordered single bcc phase from ~1050–1800 K, AlCrMnMoTi from ~1150–1800 K. We focused
our work on AlCrMnNbTiV, AlCrMoNbTiV, AlCrFeTiV and AlCrMnMoTi.

For practical applications of these four series of alloys, it is preferable that the temperature at
which other (brittle) phases appear is decreased and the amount of other phases formed is reduced.
A simple way to achieve this is to determine what the composition of the disordered bcc phase and
alternate phases is at a lower temperature, where multiple phases have formed. If the alternate phases
were removed, the remaining bcc phase then forms a HEA at the lower temperature. This was tried for
multiple iterations for AlCrMnNbTiV, see Figure 1.

Obviously, altering the concentrations of the individual elements within a HEA can be very
effective in maintaining the HEA to a lower temperature and reducing the amount of alternate phases
once they start to form. However, this way of strengthening the HEA character of an alloy produces a
HEA that at low temperature is on the boundary of the HEA single phase region and the two or more
phase region containing undesirable secondary phases.
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Figure 1. Phase fractions as a function of temperature for (A) equi-atomic AlCrMnNbTiV
(B) Al18Cr10Mn13Nb12Ti21V26 (C) Al15Cr12Mn17Nb3Ti10V43.

The smallest change in composition in some directions already leads to the formation of secondary
phases. In order to find an alloy that is a HEA ‘with margin to spare’, we want to find the compositions
that remain HEAs under all small composition changes.

3.2. Convergence Testing for Scanning Part of the Composition Space

Scanning all possible five and six element alloy compositions at fine 1% increments requires going
through more compositions than is feasible. In order to limit the number of compositions required,
we limit the portion of the composition space that we cover and for that limited part of the composition
space, we conduct convergence tests of the concentration increment, to see how fine a mesh is required.
We limit the part of the composition space by requiring that no element in a HEA should be a majority
constituent, i.e., the concentration of any element should be <50 atom%. Within the selected part of
the composition space, atom percentages are varied from 1 to 49% for all but one element and the
concentration of the last element is set to reach 100% in total. If the concentration of the last element
has to be negative or larger than 50%, the composition is rejected. For five/six element alloys, each
element has the role of ‘filler-up’ once and that of ‘independent variable’ four/five times. It should be
noted that while the independent and filler-up elements have the same concentration increment, the
possible concentrations of the filler-up element are shifted compared to those of the other elements.
For example, the composition closest to a binary alloy has 49% of one element, 1% for four elements,
leaving 47% for the filler-up element. Thus with a 4% concentration increment, the independently
varied elements have concentrations of 49, 45, . . . 5, 1% while the filler-up element has concentrations
of 47, 43, . . . , 7, 3%. Thus the possible element concentrations of the independently varied and filler-up
elements are on sub-grids that have the same spacing but are shifted from each other. Hence a 4%
concentration increment will result in some element concentrations being only 2% apart. Following
the scheme outlined above, the numbers of compositions for five and six element alloys are as shown
in Table 1.
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Table 1. Numbers of compositions for five and six element alloys for different concentration spacings.

Concentration Spacing (%)
Compositions

Five elements Six elements

6 13,530 74,412
4 60,905 473,382
2 862,750 2,114,580 *

* not calculated with TC in our study.

The results we are most interested in are the shapes of low temperature islands of HEA stability.
The convergence tests should therefore determine how much these vary with the concentration
spacing. We show a number of two-dimensional projections for AlaCrbFecTidV1-a-b-c-d in Figure 2 and
for AlaCrbMncNbdTieV1-a-b-c-d-e in Figure 3.

   

   

   

Figure 2. Two-dimensional projections for AlaCrbFecTidV1-a-b-c-d, showing at which concentrations for
two elements the alloy forms a bcc HEA at 800 K. Three concentration dimensions are flattened out
to arrive at the two-dimensional projection. The concentrations of the three elements not shown can
be any one or multiple combinations, i.e., a circle indicates that for the corresponding concentration
of the two elements shown, there is at least one and in most cases there are many combinations of
concentrations of the other three elements for which the alloy forms a HEA at 800 K. The concentration
increments in the top, middle and bottom figures are 6, 4 and 2%, respectively.
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Figure 3. Two-dimensional projections for AlaCrbMncNbdTieV1-a-b-c-d-e, showing at which
concentrations for two elements the alloy forms a bcc HEA at 800 K. Four concentration dimensions
are flattened out to arrive at the two-dimensional projection. The concentrations of the four elements
not shown are as explained in the caption of Figure 2. The concentration increments in the top and
bottom figures are 6 and 4%, respectively.

In the small sampling of projections in Figures 2 and 3 there are only single islands of HEA stability,
there are no small separate islands. Also, the islands are solid without holes in them. Generally the
size of the islands is many times larger than the concentration spacing. The concentration spacing
therefore only influences the outer edges of the islands. At a coarser spacing, some detail of the shapes
of outer edges of the islands is lost, but the overall shapes of the islands are preserved. This means
that for the cases shown, a relatively modest number of compositions on a coarse grid in composition
space already provide most information about islands of low temperature HEA stability.

3.3. The Different Roles of Alloying Elements

Figures 4–7 show binary projections as in Figures 2 and 3 for all possible binary combinations in
our alloys.

    

Figure 4. Cont.
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Figure 4. Two-dimensional projections for AlaCrbFecTidV1-a-b-c-d, showing at which concentrations for
two elements the alloy forms a bcc HEA at 800 K. Three concentration dimensions are flattened out to
arrive at the two-dimensional projection. The concentrations of the three elements not shown are as
explained in the caption of Figure 2. The concentration increments are 2%.

    

                          

Figure 5. Cont.
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Figure 5. Two-dimensional projections for AlaCrbMncModTi1-a-b-c-d, showing at which concentrations
for two elements the alloy forms a bcc HEA at 800 K. Three concentration dimensions are flattened out
to arrive at the two-dimensional projection. The concentrations of the three elements not shown are as
explained in the caption of Figure 2. The concentration increments are 2%.

   

                   

                                   

                                                  

Figure 6. Cont.
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Figure 6. Two-dimensional projections for AlaCrbMncNbdTieV1-a-b-c-d-e, showing at which
concentrations for two elements the alloy forms a bcc HEA at 800 K. Four concentration dimensions
are flattened out to arrive at the two-dimensional projection. The concentrations of the four elements
not shown are as explained in the caption of Figure 2. The concentration increments are 4%.

     

                     

                                     

                                                     

                                                                    

Figure 7. Two-dimensional projections for AlaCrbMocNbdTieV1-a-b-c-d-e, showing at which
concentrations for two elements the alloy forms a bcc HEA at 800 K. Four concentration dimensions
are flattened out to arrive at the two-dimensional projection. The concentrations of the four elements
not shown are as explained in the caption of Figure 2. The concentration increments are 4%.

In interpreting Figures 4–7, it is worth pointing out that a lot of information is left out of the
two-dimensional projections. What appears to be a single island may in fact consists of several
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separate islands in the dimension perpendicular to the projection (which contains all the information
of the other elements than the two being shown), that overlap into a single island when shown as a
two-dimensional projection.

Figures 4–7 show that the various elements in the four alloys play distinct roles. On the one
hand, Fe and Ti in AlCrFeTiV hardly participate in forming a HEA. Single disordered bcc phases in
AlCrFeTiV can form, but they are essentially ternary alloys, without Fe or Ti. On the other hand, Mo
and Ti in AlCrMoNbTiV can form HEAs with the other elements at any combination of concentrations.
In between these two extremes, a variety of other behaviors can be observed. HEA islands that cover
part of the two-element projections may extend mutually over the full 0–50% range for both elements
or over the full range for one element but part of the range for the other, or over part of the range
for both elements. A minimum concentration of the two elements can be required, indicated by a
lack of circles around the origin, such as for TiV in AlCrMnNbTiV, see Figure 6. The HEA island
may be formed under an inversely proportional line, such as for CrNb in AlCrMnNbTiV, see Figure 6.
The maximum percentage of one element as a function of the other may not follow a monotonous
line, there may be minima and maxima such as for AlMn and AlV in AlCrMnNbTiV, see Figure 6.
V in AlCrMnNbTiV in particular gives many minima and maxima in the two-dimensional projections
in Figure 6. There may even be an archipelago of separate islands of stability, as is the case with the
thin, stretched-out islands for AlCrMnMoTi, see Figure 5. Islands are seen to feature a great variety
of shapes, including bays, peninsular outcroppings and satellite islands, see AlCr, AlNb and CrV in
AlCrMoNbTiV, Figure 7. Contrary to the results of convergence testing in Section 3.2, some of these
features would be lost if the calculations were carried out on a coarser grid.

Overall, the two six element alloys appear to be more promising candidates for forming low
temperature HEAs than the two five element alloys. For AlCrMnNbTiV and AlCrMoNbTiV 17,830
(3.8%) and 17,289 (3.7%) out of 473,382 compositions sampled were single phase HEAs at 800 K.
For AlCrFeTiV and AlCrMnMoTi only 356 (0.041%) and 785 (0.091%) out of 862,750 compositions
sampled were single phase HEAs at 800 K. In Figures 6 and 7 on average 64% and 67% of the grid
points of the two-dimensional projections for AlCrMnNbTiV and AlCrMoNbTiV have circles on them,
while in Figures 4 and 5 these percentages are only 6.8% and 9.4% for AlCrFeTiV and AlCrMnMoTi.
The supplementary material contains the list of compositions calculated and for each composition,
whether that composition is a HEA at 800 K or not and what the phases and phase fractions are at
800 K for the four alloy systems.

3.4. Temperature Dependence of HEA Stability

Figure 8 shows the fraction of alloy compositions for which a HEA is formed as a function
of temperature.

Figure 8 shows that both six element alloys are strong HEA formers, with 4% of compositions
being HEAs at 800 K and the HEA fraction of fully solid alloys reaching over 90% at 2000 K. The much
lower melting temperature of Mn (1519 K) compared to Mo (2896 K) increases the fraction of (partly)
molten alloys at 2000 K but it does not greatly increase the onset of melting, since melting is likely to
occur first for compositions rich in low-melting metals like Al. Also, alloys with little Mn or Mo are
almost the same. In contrast to the six element alloys, AlCrFeTiV obviously has poor HEA forming
qualities. AlCrMnMoTi is in between the six element alloys and AlCrFeTiV, with a very low fraction of
HEAs at 800 K, but the fraction rapidly increases with temperature, surpassing that of the six element
alloys and reaching 100% at 1750 K. Figure 9 shows the average concentrations of individual elements
in HEAs as a function of temperature.
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Figure 8. Fractions of alloy compositions for which a HEA is formed, as a function of temperature.
Solid curves represent the number of HEAs as a fraction of all compositions, including those that are
(partly) molten. Dashed curves represent the number of HEAs as a fraction of compositions for which
the alloys are still completely solid.

 
Figure 9. Average atom percentages of elements as a function of temperature, averaged over those
compositions that form HEAs.
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It is perhaps surprising to observe that in AlCrMnNbTiV and AlCrMnMoTi, Mn is the element that
is the most reduced in concentration at higher temperatures, while pure Mn has a far higher melting
temperature (1519 K) than pure Al (933 K). At present we are not able to explain this. For AlCrFeTiV
the average composition shown in Figure 9 does not actually lie inside a HEA island for most of the
temperature range. For the other three alloys the average concentrations shown in Figure 9 do lie
inside HEA islands for all but a few of the lowest temperatures.

It should be noted that our calculations assume thermodynamic equilibrium and therefore
homogenous phases. During solidification usually concentration gradients in the solid state develop
so that our results may deviate from experimentally prepared materials.

3.5. HEA Island Centers

The center of a HEA island is here defined as the HEA composition that is furthest removed from
any composition that is not a HEA. The distance between the island center and the closest non-HEA
composition defines a body around the island center that contains a subset of the compositions that
form the island. The size of the body indicates how much the concentrations of any element(s) can be
varied from the island center while the alloy still remains a HEA. The island center—closest non-HEA
distance can be calculated as the Euclidian distance (in which case the body is a high-dimensional
spheroid) or Manhattan distance (in which case the body is a high-dimensional polyhedron, with a
larger volume than the spheroid). Since we allow concentrations up to 50%, an island center may be
close to 50% for one or two elements. Therefore it needs to be decided what to do with compositions
on grid points on or outside the 50% boundary, for which there is no data. On the one hand, since the
vast majority of compositions are not HEAs, it could be assumed that any composition on or outside
the 50% boundary is not a HEA. This means that the sphere or polyhedron around the center must
lie entirely within the 50% boundaries. On the other hand, if there is a part of an island of HEA
stability bordering the 50% boundary, it is reasonable to assume that the island would not end abruptly
at the 50% boundary but extend some distance beyond it as well. Therefore it could be argued
that the center of the island needs to lie within the 50% boundary, but that part of the sphere or
polyhedron may lie outside it. These two scenarios represent extremes for the smallest and biggest
possible spheres/polyhedra and specific cases will usually lie somewhere in between. We shall present
results for both scenarios, where all compositions at or beyond 50% are assumed to be non-HEAs
(‘boundary_on’) or where compositions at or beyond 50% are assumed to be HEAs (‘boundary_off’).
For the former scenario, non-HEA composition data points are added (i.e., defined, not calculated
with TC) for all compositions where one or two elements have a 50% concentration. As an example,
Table 2 shows the island center(s) composition for AlCrMnNbTiV.

The alternative, equally valid island center compositions indicated by the asterisks in Table 2 are
compositions like 3, 1, 1, 25, 21, 49% or 1, 1, 3, 21, 25, 49% Al, Cr, Mn, Nb, Ti, V.

Under boundary_on condition, the Euclidian distance between the island center and the nearest
non-HEA compositions is

√
102 = 10.1%. This is only a few times the concentration increment, hence

the figure of 10.1% is not very precise. However, it does mean that the alloy will remain a HEA under
limited composition changes. For example, if any one element is changed 9% in one direction and four
other elements are changed 2% in the opposite direction and one element is changed 1% in the opposite
direction, the resulting alloy should still be a HEA. Table 3 shows the island center compositions for all
four of our HEAs and the distances to the closest non-HEA compositions.

As in Figures 4–7, the compositions in Table 3 show that the six element alloys are much better
HEA formers than the five element alloys at 800 K. The island radii for the five element alloys are so
small that there are not really any HEA islands, just a few isolated HEA compositions, possibly with
a very small number of their closest neighbor compositions. Finally in this section we show how
HEA islands grow with temperature. Figure 10 shows the radii as a function of temperature for
AlCrMnNbTiV and AlCrFeTiV.
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Table 2. HEA island center composition for AlCrMnNbTiV, determined with different distance and
boundary criteria at 800 K. Also shown are the five non-HEA compositions closest to the island center.
The elements concentration spacing is 4%. An asterix behind an island center composition indicates
there are other island center compositions nearby that have an equally long distance to a nearest
non-HEA composition.

Distance and Boundary Criteria

Euclidean Distance Manhattan distance

Boundary_on Boundary_off Boundary_on Boundary_off

% Al Cr Mn Nb Ti V

island
centre(s) 1 1 1 25 31 41 1 1 1 23 25 49 1 3 1 21 37 37 *

1 1 13 5 39 41 * 1 3 1 21 25 49 *

1st nearest
non-HEA

0 0 0 22 28 50
10.1% from center

11 1 1 17 25 45
12.3% from center

1 11 1 21 29 37
7 1 5 5 41 41
16% from center

1 11 1 25 13 49
24% from center

2nd nearest
non-HEA

0 0 0 21 29 50
10.2% from center

9 1 1 17 29 43
12.3% from center

1 11 1 21 33 33
7 1 9 1 41 41
16% from center

1 11 1 25 17 45
24% from center

3rd nearest
non-HEA

0 0 0 23 27 50
10.2% from center

1 9 1 27 17 45
12.6% from center

1 11 1 21 37 29
7 1 13 1 41 37
16% from center

1 11 1 25 21 41
24% from center

4th nearest
non-HEA

0 0 1 21 28 50
10.4% from center

1 9 1 27 21 41
12.6% from center

9 3 1 13 37 37
9 1 11 1 37 41
16% from center

1 1 11 25 21 41
24% from center

5th nearest
non-HEA

0 0 1 22 27 50
10.4% from center

9 1 1 15 29 45
12.6% from center

9 3 1 17 33 37
9 1 11 5 33 41
16% from center

1 9 1 27 13 49
24% from center

Unsurprisingly, the island radius pattern for AlCrMnNbTiV in Figure 10 is rather similar to the
pattern of the AlCrMnNbTiV HEA fraction shown for AlCrMnNbTiV in Figure 8.

Figure 10. Euclidian (squares) and Manhattan (circles) radii of HEA islands around
Al1Cr1Mn1Nb25Ti31V41 and Al11Cr43Fe1Ti1V44 under boundary_off condition. Radii are here defined
as the distances between the island center and the nearest non-HEA composition. Only compositions
less than a radius away from the island center are guaranteed to be HEAs.
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Table 3. HEA island center(s) compositions, determined with different distance and boundary criteria
at 800 K. Below each composition is the distance to the nearest non-HEA composition. The elements
concentration spacing is 4% for the six element alloys and 2% for the five element alloys. An asterix
behind an island center composition indicates there are other island center compositions nearby that
have an equally long distance to a nearest non-HEA composition.

Island Center(s) and Distance to Nearest Non-HEA Composition

Euclidean Distance Manhattan Distance

Boundary_on Boundary_off Boundary_on Boundary_off

Alloy % Elements

AlCrMnNbTiV 1 1 1 25 31 41
10.1%

1 1 1 23 25 49
12.3%

1 3 1 21 37 37 *
1 1 13 5 39 41 *
16%

1 3 1 21 25 49 *
24%

AlCrMoNbTiV 1 1 37 1 21 39 *
10.2%

1 1 37 1 13 47 *
11.3%

1 1 39 1 21 37 *
20%

1 1 35 1 13 49 *
24%

AlCrFeTiV 11 43 1 1 44 *
2.4%

11 43 1 1 44 *
2.4%

11 43 1 1 44 *
4%

11 43 1 1 44 *
4%

AlCrMnMoTi 22 33 1 1 43 *
3.7%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
6%

22 33 1 1 43 *
6%

3.6. HEA Compositions with Minimum Concentration Constraints

The compositions in Table 3 are all essentially ternary alloys, meaning they are not really
conventional HEAs. For the six element alloys, the elements mostly absent from the island center
compositions include Al and Cr. While oxidation resistance depends on more than just having
significant amounts of Al and/or Cr present in alloys, their presence is an important enabling factor
for oxidation resistance. We repeated our search for HEA islands of maximum size, but now under
the condition that minimum amounts of Al and/or Cr are present in the alloys or that four or more
elements must be present in a concentration equal or greater than 10%. Tables 4 and 5 show HEA
island center compositions and sizes determined under these constraints.

Table 4. HEA island center(s) compositions, determined with different distance and boundary criteria
at 800 K, under the constraint of having minimum amounts of Al and/or Cr present. Below each
composition is the distance to the nearest non-HEA composition. The elements concentration spacing
is 4% for the six element alloys and 2% for the five element alloys. An asterix behind an island center
composition indicates there are other island center compositions nearby that have an equally long
distance to a nearest non-HEA composition.

Island Center(s) and Distance to Nearest Non-HEA Composition

Euclidean Distance Manhattan Distance

Boundary_on Boundary_off Boundary_on Boundary_off

Alloy, Constraint % Al Cr Mn Nb Ti V

AlCrMnNbTiV
Al ≥ 15%

25 7 25 1 1 41 *
21 7 21 1 9 41 *
7.5%

25 1 23 1 1 49
9.8%

25 7 21 1 5 41 *
12%

21 5 21 1 5 47 *
16%

AlCrMnNbTiV
Cr ≥ 15%

17 15 17 1 9 41
5.7%

11 17 13 1 9 49 *
6.3%

5 17 5 11 17 45 *
17 17 13 1 9 43 *
8%

11 17 13 1 9 49 *
12%

AlCrMnNbTiV
Al + Cr ≥ 15%

25 7 25 1 1 41 *
21 7 21 1 9 41 *
7.5%

25 1 23 1 1 49
9.8%

25 7 21 1 5 41 *
7 9 5 17 21 41 *
12%

21 5 21 1 5 47 *
7 9 5 13 17 49
16%

AlCrMoNbTiV
Al ≥ 15%

17 1 9 21 9 43 *
17 5 21 1 11 45 *
4.9%

15 1 5 21 9 49 *
6.3%

17 1 9 21 9 43 *
17 5 21 1 11 45 *
8%

15 1 5 21 9 49 *
12%
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Table 4. Cont.

Island Center(s) and Distance to Nearest Non-HEA Composition

Euclidean Distance Manhattan Distance

Boundary_on Boundary_off Boundary_on Boundary_off

Alloy, Constraint % Al Cr Mn Nb Ti V

AlCrMoNbTiV
Cr ≥ 15%

9 15 21 1 13 41 *
4.9%

15 17 1 5 13 49
13 17 11 1 9 49 *
4.9%

9 15 21 1 13 41 *
8%

15 17 1 5 13 49
13 17 11 1 9 49 *
8%

AlCrMoNbTiV
Al + Cr ≥ 15%

9 7 29 1 13 41 *
6.3%

11 5 25 1 9 49 *
7.5%

9 7 29 1 13 41 *
12%

11 5 25 1 9 49 *
16%

AlCrFeTiV
Al ≥ 15%

23 36 1 1 39 *
1.4%

23 36 1 1 39 *
1.4%

23 36 1 1 39 *
2%

23 36 1 1 39 *
2%

AlCrFeTiV
Cr ≥ 15%

11 43 1 1 44 *
2.4%

11 43 1 1 44 *
2.4%

11 43 1 1 44 *
4%

11 43 1 1 44 *
4%

AlCrFeTiV
Al + Cr ≥ 15%

11 43 1 1 44 *
2.4%

11 43 1 1 44 *
2.4%

11 43 1 1 44 *
4%

11 43 1 1 44 *
4%

AlCrMnMoTi
Al ≥ 15%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
6%

22 33 1 1 43 *
6%

AlCrMnMoTi
Cr ≥ 15%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
6%

22 33 1 1 43 *
6%

AlCrMnMoTi
Al + Cr ≥ 15%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
3.7%

22 33 1 1 43 *
6%

22 33 1 1 43 *
6%

Table 5. HEA island center(s) compositions, determined with different distance and boundary criteria
at 800 K, under the constraint of having four or more elements present in a ≥10% concentration.
Below each composition is the distance to the nearest non-HEA composition. The elements
concentration spacing is 4% for the six element alloys and 2% for the five element alloys. An asterix
behind an island center composition indicates there are other island center compositions nearby that
have an equally long distance to a nearest non-HEA composition.

Distance and Boundary Criteria

Euclidean Distance Manhattan Distance

Boundary_on Boundary_off Boundary_on Boundary_off

Alloy, Constraint % Al Cr Mn Nb Ti V

AlCrMnNbTiV
4 elem. ≥ 10%

17 13 17 1 9 43 *
6.3%

11 1 9 17 13 49
17 11 17 1 9 45 *
5 11 1 13 21 49 *
5 1 11 13 25 45 *
7.5%

17 13 17 1 9 43 *
12%

17 11 17 1 9 45 *
16%

AlCrMnNbTiV
5 elem. ≥ 10%

17 13 17 1 11 41
6.3%

13 13 13 1 11 49
7.5%

17 13 17 1 11 41
12%

11 13 13 1 13 49 *
13 1 11 13 13 49 *
12%

AlCrMnNbTiV
6 elem. ≥ 10% - - - -

AlCrMoNbTiV
4 elem. ≥ 10%

11 5 29 1 13 41 *
6.3%

11 1 1 25 13 49 *
11 5 25 1 13 45 *
6.3%

11 1 29 5 13 41 *
12%

11 1 1 25 13 49 *
11 1 25 1 13 49 *
12%

AlCrMoNbTiV
5 elem. ≥ 10%

13 11 17 1 13 45
5.5%

13 11 17 1 13 45
5.7%

11 1 17 13 13 45 *
13 13 19 1 13 41 *
13 1 13 17 11 45 *
8%

11 1 13 13 13 49 *
13 13 17 1 13 43 *
13 11 29 1 17 29
8%

AlCrMoNbTiV
6 elem. ≥ 10% - - - -

AlCrFeTiV
4 elem. ≥ 10% - - - -

AlCrFeTiV
5 elem. ≥ 10% - - - -

AlCrMnMoTi
4 elem. ≥ 10%

16 17 1 17 49 *
1.4%

16 17 1 17 49 *
1.4%

16 17 1 17 49 *
2%

16 17 1 17 49 *
2%

AlCrMnMoTi
5 elem. ≥ 10% - - - -

105



Entropy 2018, 20, 911

Tables 4 and 5 show that the options for selecting HEAs with minimum Al and/or Cr content or
four or more elements present in 10% or higher concentration are limited. Imposing such constraints
decreases HEA island sizes, down to 0 when requiring that all elements have a 10% or higher
concentration. AlCrMnNbTiV has the largest islands of HEA compositions that contain a high enough
percentage of Al to promote oxidation resistance.

3.7. Melting Temperature Ranges

From a production point of view it is preferable to select alloys with narrow solidification
temperature ranges in order to achieve solidification with minimal unmixing, or with unmixing on the
smallest possible length scales. Since we only determine data at temperature intervals of 50 K, we can
only roughly estimate solidification temperature ranges. Therefore, in Table 6 we list the number of
50 K spaced temperatures that fall within the solidification ranges.

Table 6. Number of 50 K spaced data points in the solidification temperature ranges of alloys.

Alloy
Average, All
Compos.

Average Over HEA
Compos. at 800 K

Average Over Non-
HEA Compos. at 800 K

Max. of All
Compos.

Max. of HEA
Compos.

AlCrMnNbTiV 2.42 1.27 2.46 15 4
AlCrMoNbTiV 3.20 3.28 3.19 15 6

AlCrFeTiV 2.42 0.43 2.42 9 2
AlCrMnMoTi 4.21 1.68 4.21 15 4

Table 6 shows that alloy compositions that are a single phase HEAs at 800 K generally have rather
narrow solidification ranges, in all cases six intervals of 50 K or less. On average the most promising
HEA alloys from the AlCrMnNbTiV and AlCrMoNbTiV type have solidification ranges of just 1.27
and 3.28 50 K intervals. So it appears as if selecting compositions that are single phase HEAs at
800 K simultaneously also selects alloys that have desirable solidification behavior. However, the alloy
with by far the narrowest solidification range, AlCrFeTiV, is also the poorest HEA former in our
study. As in Section 3.4, the higher temperature results in this section have an extra deviation from
experimental observations due to the artificial homogeneity and lack of any concentration gradients in
our calculations.

4. Conclusions

We used the Thermo-Calc CALPHAD database to computationally investigate the HEA forming
qualities between 800 and 2800 K of four alloys, AlCrMnNbTiV, AlCrMoNbTiV, AlCrFeTiV and
AlCrMnMoTi. These alloys contain elements that provide oxidation resistance and were previously
predicted to be HEAs at high temperature at equi-atomic compositions. Simple variations of the
element concentrations away from being equi-atomic can already greatly extend the temperature range
over which the alloys are HEAs. However, with a brute force compositions scanning approach, alloy
compositions could be found that remain HEAs down to 800 K. By calculating the stable phases for
these alloys on grids in five- or six-dimensional composition spaces, we were able to determine islands
of low temperature HEA stability. Making binary alloy projections of these high-dimensional islands
gives information about the overall HEA forming qualities of the alloys as well as about the roles of
individual elements within the alloys. The HEA forming qualities of a combination of elements can
also be gleaned from the percentage of compositions that form HEAs as a function of temperature.
The compositions of the centers of the HEA islands remain HEAs under small composition changes
and thus have some margin of error against inaccuracies in the TC HEA database. Applying our
methodology to four alloys, we find that AlCrMnNbTiV and AlCrMoNbTiV are good HEA formers that
have HEA islands of non-negligible size at 800 K and that these islands grow rapidly with increasing
temperature. AlCrMnMoTi has very few HEA compositions at 800 K but rapidly develops them
with increasing temperature. AlCrFeTiV is a poor HEA former at any temperature. For all alloys
that have HEA islands, the island centre compositions correspond to what are essentially ternary
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alloys. Therefore these most interesting compositions are at best medium entropy alloys rather than
high entropy alloys. The elements mostly absent from island centre compositions include Al and
Cr for AlCrMnNbTiV and AlCrMoNbTiV. Alloys with these compositions thus lack elements that
are important for oxidation resistance. Imposing constraints for minimal amounts of Al and/or
Cr or four or more alloying elements with >10% concentration rapidly diminishes the number of
available HEA compositions, though there are compositions that meet both the requirements of
forming HEAs at 800 K and containing substantial amounts of Al and/or Cr. These requirements
can be combined with the additional requirement of having a narrow solidification range. Alloy
compositions around Al25Cr7Mn25Nb1Ti1V41 or Al21Cr7Mn21Nb1Ti9V41 offer the best compromise
between these three different criteria, according to our CALPHAD predictions. Since CALPHAD
predictions are sometimes at odds with experimental results [15], we propose these two compositions
for experimental verification.

Supplementary Materials: The following are available online at http://www.mdpi.com/1099-4300/20/12/911/s1.
The supplementary material contains the list of compositions calculated and for each composition whether
that composition is a HEA at 800 K or not and what the phases and phase fractions are at 800 K for the four
alloy systems.

Author Contributions: T.P.C.K. carried out the TC calculations, the processing of the TC output and prepared
the manuscript. D.S. carried out the analysis to determine HEA island locations and sizes in composition spaces.
M.H.F.S. contributed the main idea of determining HEA islands with a CALPHAD database, added further ideas
during discussions throughout the research and did several rounds of critical reading and making suggestions
during the preparation of the manuscript.

Funding: This research received funding through the ERA-NET Integrated computational materials
engineering (ICME) program under project 4316 “HEAMODELL” as financed by NWO “domein Exacte en
Natuurwetenschappen”.

Acknowledgments: The authors thank Bengt Hallstedt, James Saal and Ake Jansson and others from Thermo-Calc
support for their kind help with TC questions. The authors also thank Richard Huizinga for help with the TC
license server and Fritz Körmann for general HEA discussions.

Conflicts of Interest: The authors declare no conflict of interest. The founding sponsor had no role in the design
of the study; in the collection, analyses, or interpretation of data; in the writing of the manuscript, and in the
decision to publish the results.

References

1. Maa, D.; Grabowski, B.; Körmann, F.; Neugebauer, J.; Raabe, D. Ab initio thermodynamics of the
CoCrFeMnNi high entropy alloy: Importance of entropy contributions beyond the configurational one.
Acta Mater. 2015, 100, 90–97. [CrossRef]

2. Raabe, D.; Tasan, C.C.; Springer, H.; Bausch, M. From High-Entropy Alloys to High-Entropy Steels.
Steel Res. Int. 2015, 86, 1127–1138. [CrossRef]

3. Kivy, M.B.; Kriewall, C.S.; Zaeem, M.A. Formation of chromium-iron carbide by carbon diffusion in
AlXCoCrFeNiCu high-entropy alloys. Mater. Res. Lett. 2018, 6, 321–326. [CrossRef]

4. Li, Z.; Raabe, D. Strong and Ductile Non-equiatomic High-Entropy Alloys: Design, Processing,
Microstructure, and Mechanical Properties. JOM 2017, 69, 2099–2106. [CrossRef]

5. Gorsse, S.; Miracle, D.B.; Senkov, O.N. Mapping the world of complex concentrated alloys. Acta Mater. 2017,
135, 177–187. [CrossRef]

6. Li, Z.; Körmann, F.; Grabowski, B.; Neugebauer, J.; Raabe, D. Ab initio assisted design of quinary dual-phase
high-entropy alloys with transformation-induced plasticity. Acta Mater. 2017, 136, 262–270. [CrossRef]

7. Deng, Y.; Tasan, C.C.; Pradeep, K.G.; Springer, H.; Kostka, A.; Raabe, D. Design of a twinning-induced
plasticity high entropy alloy. Acta Mater. 2015, 94, 124–133. [CrossRef]

8. Uzera, B.; Picak, S.; Liu, J.; Jozaghi, T.; Canadinc, D.; Karaman, I.; Chumlyakov, Y.I.; Kireeva, I. On the
mechanical response and microstructure evolution of NiCoCr single crystalline medium entropy alloys.
Mater. Res. Lett. 2018, 6, 442–449. [CrossRef]

9. Nene, S.S.; Frank, M.; Liu, K.; Mishra, R.S.; McWilliams, B.A.; Cho, K.C. Extremely high strength and work
hardening ability in a metastable high entropy alloy. Sci. Rep. 2018, 8, 9920. [CrossRef] [PubMed]

107



Entropy 2018, 20, 911

10. Huang, H.; Wu, Y.; He, J.; Wang, H.; Liu, X.; An, K.; Wu, W.; Lu, Z. Phase-Transformation Ductilization
of Brittle High-Entropy Alloys via Metastability Engineering. Adv. Mater. 2017, 29, 1701678. [CrossRef]
[PubMed]

11. Lilensten, L.; Couzinié, J.; Bourgon, J.; Perrière, L.; Dirras, G.; Prima, F.; Guillot, I. Design and tensile
properties of a bcc Ti-rich high-entropy alloy with transformation-induced plasticity. Mater. Res. Lett. 2017,
5, 110–116. [CrossRef]

12. Luo, H.; Li, Z.; Raabe, D. Hydrogen enhances strength and ductility of an equiatomic high-entropy alloy.
Sci. Rep. 2017, 7, 9892. [CrossRef] [PubMed]

13. Gao, M.C.; Alman, D.E. Searching for Next Single-Phase High-Entropy Alloy Compositions. Entropy 2013,
15, 4504–4519. [CrossRef]

14. Guruvidyathri, K.; Kumar, K.C.H.; Yeh, J.W.; Murty, B.S. Topologically Close-packed Phase Formation in
High Entropy Alloys: A Review of Calphad and Experimental Results. JOM 2017, 69, 2113–2124. [CrossRef]

15. Saal, J.E.; Berglund, I.S.; Sebastian, J.T.; Liaw, P.K.; Olson, G.B. Equilibrium high entropy alloy phase stability
from experiments and thermodynamic modeling. Scripta Mater. 2018, 146, 5–8. [CrossRef]
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Abstract: The elastic properties of seventy different compositions were calculated to optimize the
composition of a V–Mo–Nb–Ta–W system. A new model called maximum entropy approach (MaxEnt)
was adopted. The influence of each element was discussed. Molybdenum (Mo) and tungsten (W) are
key elements for the maintenance of elastic properties. The V–Mo–Nb–Ta–W system has relatively
high values of C44, bulk modulus (B), shear modulus (G), and Young’s modulus (E), with high
concentrations of Mo + W. Element W is brittle and has high density. Thus, low-density Mo can
substitute part of W. Vanadium (V) has low density and plays an important role in decreasing the
brittleness of the V–Mo–Nb–Ta–W system. Niobium (Nb) and tantalum (Ta) have relatively small
influence on elastic properties. Furthermore, the calculated results can be used as a general guidance
for the selection of a V–Mo–Nb–Ta–W system.

Keywords: high-entropy alloys; first-principles calculation; maximum entropy; elastic property

1. Introduction

In recent years, high entropy alloys (HEAs) have emerged as an interesting area of research [1].
HEAs have superior properties compared to conventional alloys [2]. Refractory high entropy alloys
(RHEAs) were developed for high temperature use. RHEAs are mainly composed of Ti, V, Zr, Nb,
Mo, Cr, Ta, W, and Hf. According to the literature, most RHEAs exceed the high use temperature of
currently used refractory alloys Haynes@230@, MAR-M247@, INCONEL@718 [3], and conventional
Ni-based superalloys [4]. This property makes RHEAs a promising candidate for the next generation
of high-temperature applications. The VMoNbTaW alloy has received the most attention because of
its characteristics, such as its good strength under extreme high temperature, but it is brittle between
room temperature and 600 ◦C [5]. In a VMoNbTaW system, element W is a brittle element and has
high density. Density is an important factor for transportation, especially for aircraft and aerospace.
A high-temperature resistance is needed for turbine disks and blades, because the efficiency of gas
turbines increases with working temperature [6].

Recently, many reports have shown that the best properties of RHEAs may generally be
displaced from equilibrium compositions; thus, the studied compositions become complicated [7,8].
Some research focuses on the influence of elements on alloy properties, but most studies are often
carried out for elements such as Al [9], Ti [10], Mo [11], and V [12]. It is feasible to study the influence
of a single element, though single element optimization fails to meet application requirements most of
the time. HEAs must have at least four elements in order to exhibit a high entropy effect [13]. Studying
the influence of more than one element can enormously increase experimental efforts. First-principles
calculation is an effective method for developing new RHEAs. Most data obtained in previous studies
for RHEAs provide information for the hardness and compression of elements [3], but little is known
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about their elastic properties. Sufficiently large, homogeneous, and defect-free crystals are required to
measure experimental elastic constants, so information on elastic properties is only available for a small
portion of materials. Special quasi-random structure (SQS) [14] and coherent potential approximation
adopted exact muffin-tin orbital (EMTO-CPA) are often used to predict the elastic properties of
HEAs [15]. Elasticity is one of the fundamental properties to screen alloys and it directly relates to
mechanical properties.

The present study reports a first-principles design of a VMoNbTaW alloy. The aims are to decrease
the brittleness and density of a V–Mo–Nb–Ta–W system. The elastic properties of seventy different
compositions were calculated. The influence of each element was discussed.

2. Methodology

CP2K was introduced for first-principles calculation and it is efficient for larger systems. CP2K
is a quantum chemistry and solid-state physics software package [16]. QUICKSTEP was introduced
to deal with the electronic structure. The Gaussian and plane wave (GPW) was used for the
calculation of forces and energies [14]. Single-zeta valence Gaussian (SZV-MOLOPT-SR-GTH) was
used as the basis set, while a 500Ry plane wave cutoff was used for the auxiliary grid. Fermi–Dirac
smearing was used to accelerate the convergence to self-consistency with an electronic temperature
of 300 K. In each self-consistent field (SCF) iteration step, the diagonalized Kohn–Sham matrix was
introduced for solving eigenvalue issues. Additionally, Broyden mixing was used to accelerate the
convergence to the total energy threshold. The value of the total energy threshold is 10−7 Hartree.
A Broyden–Fletcher–Goldfarb–Shanno (BFGS) minimization algorithm was introduced to deal with
the geometry optimization problems. The convergence criteria for the maximum geometry change
and force were 1 × 10−3 Bohr and 1 × 10−3 Hartree/Bohr, respectively.

3. Maximum Entropy (MaxEnt) Model

MaxEnt structures were generated by a Monte Carlo simulation code in python. A repeat loop was
written in the code to make sure all the elements were distributed homogeneously in the model [17].
In order to obtain a relatively homogeneous MaxEnt model, hundreds of structures were generated
for selection. The screen criterion is the shortest distance between the same elements should locate
in a narrow range—the narrower the better [18]. The most important advantage of the MaxEnt
model is that it can demonstrate lattice distortion after relaxation. MaxEnt is a supercell model, while
a 4 × 4 × 4 face-centered cubic (FCC) model contains 256 atoms and a 4 × 4 × 4 body-centered
cubic (BCC) contains 128 atoms, so the MaxEnt model can present HEAs with complicated element
concentrations. In order to test the accuracy and consistency of the MaxEnt model, ten MaxEnt models
of BCC (TiZrNbMoV) were generated. Bulk moduli B and C44 were also calculated. All bulk moduli
fluctuated around 143.3 (±2) GPa and all C44 fluctuated around 36.2 (±3) GPa. The scattered diagram
is shown in Figure 1. Thus, the MaxEnt approach demonstrates a good consistence for each model.
The MaxEnt approach has been elaborated in Reference [16]. The elastic properties of TaNbHfZrTi and
CoCrFeNiMn were predicted based on the MaxEnt approach [18,19]. The accuracy of the predicted
data was proven by experimental results [20,21]. Thus, the MaxEnt approach is accurate, believable,
and suitable for the study of HEAs.
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Figure 1. Bulk modulus B and C44 of ten maximum entropy (MaxEnt) models of a 4 × 4 × 4 BCC
TiZrNbMoV alloy. (a) B, (b) C44.

All components of the VMoNbTaW alloy have a BCC lattice and, thus, the formation of BCC
substitution solutions was the most probable. This was confirmed by diffraction analysis of these
alloys [3]. The 4 × 4 × 4 MaxEnt model of V0.1Mo0.2Nb0.1Ta0.4W0.2 is shown as an example in Figure 2.

Figure 2. MaxEnt model of V0.1Mo0.2Nb0.1Ta0.4W0.2.

4. Elastic Properties

The calculated bulk modulus B and equilibrium lattice configuration were determined from the
minima of the curves according to the Birch–Murnaghan equation of state (B–M EOS), as presented
in Equation (1). V, V0, B, E, and E0 are volume, equilibrium volume, bulk modulus, total energy,
and equilibrium energy, respectively. In order not to exceed the elastic limit, the changes in V should
be kept within 3%.

E(V) = E0 +
9V0B
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The cubic crystal has three independent elastic constants: C11, C12, and C44. They can be calculated
by applying small strains to the equilibrium lattice configuration, which transforms the lattice vector a

according to the rule [22] shown in Equations (2) and (3).

a′ = a·(I + ε) (2)

ε =

⎛
⎜⎝ e1 e6/2 e5/2

e6/2 e2 e4/2
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⎞
⎟⎠ (3)
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e = (e1, e2, e3, e4, e5, e6) is the strain vector. The different values of e were applied to the equilibrium
lattice configuration according to Table 1. The value of σ should keep within the range of (−0.03, 0.03).

Table 1. Vector strain and the corresponding energy.

Strain Vector e The Corresponding Energy for Distorted Structure

(σ, 0, 0, 0, 0, 0) E(σ) = E(0) + 1
2 C11V0σ2

(σ, σ, 0, 0, 0, 0) E(σ) = E(0) + (C11 + C12)V0σ2

(0, 0, 0, σ, σ, σ) E(σ) = E(0) + 3
2 C44V0σ2

The following equations were used to calculate Shear modulus G, Young’s modulus E,
and Poisson’s ratio υ.

G =
3C44 + C11 − C12

5
(4)

E =
9BG

3B + G
(5)

ν =
3B − 2G

2(3B + G)
(6)

5. Results and Discussion

Due to the lack of experimental data of VMoNbTaW, the elastic properties of pure V, Mo, Nb, Ta,
and W were calculated to prove the accuracy of the calculated data. Table 2 shows the elastic constants
and moduli of V, Mo, Nb, Ta, and W. A comparison of calculated elastic properties with experimental
data was made, and the agreement was found to be quite good. The accuracy of the calculated data in
the present work was also proven by comparing with the calculated results in other studies.

Table 2. Elastic constants and moduli of V, Mo, Nb, Ta, and W.

Element
C11

(GPa)
C12

(GPa)
C44

(GPa)
B

(GPa)
E

(GPa)
G

(GPa)
ν

ρ

(g/cm3)
Tm
(◦C)

V
expt. 232.0 c 119.0 c 46.0 c 155 b 127.6 a 46.7 a 0.365 a

6.11 1890present 261.0 109.5 45.5 159.7 154.0 57.6 0.340
other 205.0 c 130.0 c 5.0 c 194.0 b

Mo
expt. 460.0 a/450.0 c 176.0 a/173.0 c 110.0 a/125.0 c 261.0 b

10.39 2622present 407.8 150.0 135.5 236.0 335.3 132.7 0.263
other 406.0 c 150.0 c 107.0 c 275.0 b

Nb
expt. 242 b/253.0 c 129 b/133.0 c 31.0 c 169.0 b

8.57 2468present 270.0 135.0 39.4 180.0 138.9 50.64 0.370
other 267.0 c 147.0 c 27.0 c 171.0 b

Ta
expt. 267.0 a/266.0 c 161.0 a/158.0 c 82.5 a/87.0 c 191.0 b 185.7 a 69.2 a 0.342 a

16.65 2996present 287.0 151.0 72.7 195.6 189.6 70.82 0.338
other 291.0 c 162.0 c 84.0 c 183.0 b

W
expt. 501.0 a/533.0 c 198.0 a/205.0 c 151.4 a/163.0 c 308.0 b

19.35 3410present 558.0 181.5 173.8 307.9 451.0 179.6 0.256
other 553.0 c 207.0 c 178.0 c 306.0 b

a Reference [23]. b Reference [24]. c Reference [25].

Seventy different compositions of the V–Mo–Nb–Ta–W system were calculated. The results are
shown in Table 3. W is brittle and has high density, so three concentrations (0.1, 0.2, and 0.3) of W were
studied, while four concentrations each of V, Mo, Nb, and Ta (0.1, 0.2, 0.3, and 0.4) were studied.

All the structures were found to fulfill the mechanical stability criteria. The mechanical stability
criterion of the cubic structure is C11 + 2C12 > 0, C11 > C12, C44 > 0. C44, B, G, E, B/G and ν are presented
in scatter-plots in Figures 3–6, respectively. The correspondence between the numbers in Table 3 and
the X-axis is shown in Table 4.
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Table 3. Elastic constants and moduli of RHEAs. B (GPa), E (GPa), G (GPa) and υ represent the bulk
modulus, Young’s modulus, shear modulus, and Poisson’s ratio and a (Ả) stands for equilibrium
lattice constants.

System C11 C12 C44 B G E B/G ν a

(1)V0.1Mo0.1Nb0.1Ta0.4W0.3 424.5 159.4 60.1 247.7 89.0 238.6 2.78 0.339 3.199
(2)V0.1Mo0.1Nb0.2Ta0.3W0.3 421.8 158.7 89.8 246.4 106.5 279.2 2.31 0.311 3.200
(3)V0.1Mo0.1Nb0.3Ta0.2W0.3 418.1 160.5 59.8 246.3 87.4 234.5 2.82 0.341 3.200
(4)V0.1Mo0.1Nb0.3Ta0.3W0.2 407.4 155.2 31.5 239.3 69.3 189.5 3.45 0.368 3.212
(5)V0.1Mo0.1Nb0.4Ta0.1W0.3 417.9 154.6 57.6 242.4 87.2 233.7 2.78 0.339 3.202
(6)V0.1Mo0.2Nb0.1Ta0.3W0.3 407.0 176.1 85.1 253.1 97.4 259.0 2.60 0.329 3.187
(7)V0.1Mo0.2Nb0.1Ta0.4W0.2 419.5 158.8 59.3 245.7 87.7 235.2 2.80 0.340 3.199
(8)V0.1Mo0.2Nb0.1Ta0.5W0.1 370.2 172.9 17.6 238.6 50.0 140.2 4.77 0.402 3.212
(9)V0.1Mo0.2Nb0.2Ta0.2W0.3 409.8 168.5 82.6 248.9 97.8 259.5 2.54 0.326 3.190
(10)V0.1Mo0.2Nb0.2Ta0.3W0.2 397.4 168.5 58.2 244.5 80.8 218.4 3.02 0.351 3.200
(11)V0.1Mo0.2Nb0.2Ta0.4W0.1 382.5 164.3 21.9 237.1 56.7 157.7 4.18 0.389 3.212
(12)V0.1Mo0.2Nb0.3Ta0.1W0.3 401.7 167.9 81.9 245.8 95.9 254.7 2.56 0.327 3.190
(13)V0.1Mo0.2Nb0.3Ta0.2W0.2 393.9 167.3 54.9 242.9 78.2 212.0 3.10 0.354 3.201
(14)V0.1Mo0.2Nb0.3Ta0.3W0.1 389.9 158.5 23.6 235.6 60.4 167.0 3.90 0.382 3.212
(15)V0.1Mo0.2Nb0.4Ta0.2W0.2 411.4 154.7 55.9 240.3 84.8 227.8 2.83 0.342 3.201
(16)V0.1Mo0.2Nb0.4Ta0.2W0.1 399.9 153.5 18.4 235.4 60.3 166.8 3.90 0.382 3.214
(17)V0.1Mo0.2Nb0.5Ta0.1W0.1 411.9 145.9 26.3 234.5 69.0 188.5 3.40 0.366 3.214
(18)V0.1Mo0.3Nb0.1Ta0.2W0.3 348.1 207.5 92.0 254.3 83.3 225.4 3.05 0.352 3.176
(19)V0.1Mo0.3Nb0.1Ta0.3W0.2 380.1 181.6 82.5 247.7 82.5 239.0 3.00 0.339 3.188
(20)V0.1Mo0.3Nb0.2Ta0.1W0.3 355.6 199.7 92.6 251.7 86.7 233.4 2.90 0.345 3.177
(21)V0.1Mo0.3Nb0.2Ta0.2W0.2 403.1 170.1 85.0 247.8 97.6 258.8 2.54 0326 3.189
(22)V0.1Mo0.3Nb0.3Ta0.1W0.2 381.8 173.3 80.5 242.8 90.0 240.3 2.70 0.335 3.190
(23)V0.1Mo0.3Nb0.3Ta0.2W0.1 394.7 169.0 79.7 244.2 93.0 247.6 2.63 0.331 3.190
(24)V0.1Mo0.4Nb0.1Ta0.1W0.3 391.7 184.8 111.3 253.8 108.2 284.1 2.35 0.313 3.167
(25)V0.1Mo0.4Nb0.1Ta0.2W0.2 352.2 200.2 97.0 250.9 88.6 237.9 2.83 0.342 3.176
(26)V0.1Mo0.4Nb0.1Ta0.3W0.1 397.8 169.6 77.5 245.7 92.1 245.7 2.67 0.333 3.188
(27)V0.1Mo0.4Nb0.2Ta0.1W0.2 356.7 191.4 93.2 246.5 88.9 238.2 2.77 0.339 3.178
(28)V0.1Mo0.4Nb0.2Ta0.2W0.1 409.4 160.2 77.8 243.3 96.5 255.8 2.51 0.325 3.189
(29)V0.2Mo0.1Nb0.1Ta0.3W0.3 444.7 144.2 61.8 244.3 97.1 257.4 2.51 0.324 3.174
(30)V0.2Mo0.1Nb0.2Ta0.2W0.3 439.0 136.8 58.7 237.6 95. 253.1 2.48 0.322 3.177
(31)V0.2Mo0.1Nb0.2Ta0.3W0.2 391.6 155.3 23.5 234.1 61.3 169.3 3.81 0.379 3.188
(32)V0.2Mo0.1Nb0.3Ta0.1W0.3 406.0 147.2 51.2 233.4 82.4 221.4 2.83 0.342 3.179
(33)V0.2Mo0.1Nb0.2Ta0.2W0.3 374.8 175.4 76.4 241.9 85.7 230.1 2.82 0.341 3.165
(34)V0.2Mo0.2Nb0.1Ta0.3W0.2 395.2 161.6 57.1 239.5 80.9 218.3 2.96 0.348 3.175
(35)V0.2Mo0.2Nb0.1Ta0.4W0.1 375.4 160.9 15.4 231.8 52.3 145.9 4.43 0.395 3.188
(36)V0.2Mo0.2Nb0.2Ta0.1W0.3 377.5 169.1 76.8 238.6 87.8 234.6 2.72 0.336 3.167
(37)V0.2Mo0.2Nb0.2Ta0.2W0.2 392.7 160.0 57.6 234.0 81.1 218.0 2.89 0.345 3.189
(38)V0.2Mo0.2Nb0.2Ta0.3W0.1 402.0 142.4 28.9 228.9 69.2 188.8 3.30 0.363 3.189
(39)V0.2Mo0.2Nb0.3Ta0.1W0.2 405.2 145.7 57.4 232.2 86.3 230.5 2.69 0.335 3.177
(40)V0.2Mo0.2Nb0.3Ta0.2W0.1 395.1 141.0 24.7 225.7 65.7 179.7 3.43 0.367 3.190
(41)V0.2Mo0.2Nb0.4Ta0.1W0.1 394.2 138.2 20.6 223.8 63.4 173.9 3.53 0.370 3.191
(42)V0.2Mo0.3Nb0.1Ta0.1W0.3 340.0 196.9 85.6 244.6 79.9 216.3 3.06 0.353 3.153
(43)V0.2Mo0.3Nb0.1Ta0.2W0.2 389.4 164.2 77.7 239.3 91.6 243.8 2.61 0.330 3.164
(44)V0.2Mo0.3Nb0.2Ta0.1W0.2 380.0 164.3 75.3 236.2 88.3 235.7 2.67 0.334 3.165
(45)V0.2Mo0.3Nb0.2Ta0.2W0.1 436.4 128.1 56.1 230.9 95.3 251.4 2.42 0.319 3.177
(46)V0.2Mo0.4Nb0.1Ta0.1W0.2 309.4 206.7 84.6 241.0 71.3 194.7 3.38 0.365 3.152
(47)V0.2Mo0.4Nb0.1Ta0.2W0.1 369.7 168.1 68.7 235.3 81.5 219.3 2.89 0.345 3.164
(48)V0.2Mo0.4Nb0.2Ta0.1W0.1 361.0 172.5 65.9 235.3 77.2 208.8 3.05 0.352 3.165
(49)V0.3Mo0.1Nb0.1Ta0.2W0.3 425.1 140.1 60.0 235.1 93.0 246.6 2.53 0.325 3.152
(50)V0.3Mo0.1Nb0.1Ta0.4W0.1 315.8 174.6 12.8 221.7 35.9 102.4 6.16 0.423 3.177
(51)V0.3Mo0.1Nb0.2Ta0.1W0.3 419.9 136.7 58.6 231.1 91.8 243.3 2.52 0.325 3.153
(52)V0.3Mo0.1Nb0.2Ta0.2W0.2 384.7 147.7 15.5 226.7 56.7 157.1 4.00 0.384 3.164
(53)V0.3Mo0.1Nb0.2Ta0.3W0.1 343.1 156.7 31.2 218.9 56.0 154.8 3.91 0.382 3.177
(54)V0.3Mo0.1Nb0.3Ta0.2W0.1 303.9 172.1 28.8 216.0 43.6 122.6 4.95 0.405 3.178
(55)V0.3Mo0.1Nb0.4Ta0.1W0.1 323.5 153.4 11.9 210.1 41.1 115.9 5.10 0.408 3.180
(56)V0.3Mo0.2Nb0.1Ta0.1W0.3 307.4 201.1 68.8 236.6 62.5 172.4 3.78 0.379 3.139
(57)V0.3Mo0.2Nb0.1Ta0.2W0.2 404.2 143.4 56.0 230.3 85.7 228.8 2.69 0.334 3.155
(58)V0.3Mo0.2Nb0.1Ta0.3W0.1 374.1 140.7 21.2 225.5 59.6 164.0 3.66 0.375 3.164
(59)V0.3Mo0.2Nb0.2Ta0.1W0.2 394.2 138.9 53.5 224.0 83.1 222.0 2.69 0.335 3.156
(60)V0.3Mo0.2Nb0.2Ta0.2W0.1 367.6 145.6 18.4 219.6 55.4 153.4 3.96 0.384 3.169
(61)V0.3Mo0.2Nb0.3Ta0.1W0.1 388.6 135.4 22.3 219.8 64.0 175.0 3.43 0.367 3.165
(62)V0.3Mo0.3Nb0.1Ta0.1W0.2 337.5 178.0 67.7 231.2 72.5 197.0 3.19 0.358 3.141
(63)V0.3Mo0.3Nb0.1Ta0.2W0.1 382.2 146.2 50.2 224.9 77.3 208.2 2.91 0.346 3.151
(64)V0.3Mo0.3Nb0.2Ta0.1W0.1 375.9 174.2 47.6 221.1 68.9 188.0 3.50 0.360 3.156
(65)V0.3Mo0.4Nb0.1Ta0.1W0.1 310.4 181.4 57.2 224.4 60.1 165.7 3.73 0.377 3.140
(66)V0.4Mo0.1Nb0.1Ta0.1W0.3 390.5 146.4 53.3 227.8 80.7 216.7 2.82 0.341 3.127
(67)V0.4Mo0.2Nb0.1Ta0.1W0.2 375.5 149.6 47.8 224.9 73.9 199.8 3.04 0.352 3.128
(68)V0.4Mo0.2Nb0.1Ta0.2W0.1 382.1 139.9 18.3 220.6 59.4 163.6 3.72 0.376 3.140
(69)V0.4Mo0.2Nb0.2Ta0.1W0.1 378.7 136.1 17.7 217.7 59.1 162.6 3.68 0.375 3.141
(70)V0.5Mo0.2Nb0.1Ta0.1W0.1 363.3 139.1 13.1 213.8 52.7 146.1 4.06 0.386 3.115
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Table 4. The correspondence between the numbers in Table 3 and the X-axis. The first point in the
X-axis involved with V is the data of number 1 in Table 3. The first point in the X-axis involved with Ta
is the data of number 5 in Table 3.

Table 2 V Mo Nb Ta W Table 2 V Mo Nb Ta W Table 2 V Mo Nb Ta W

1 1 1 1 65 51 25 25 63 8 36 37 49 49 10 18 45 67
2 2 2 30 52 52 26 26 64 9 58 7 50 50 11 19 69 16
3 3 3 53 29 53 27 27 65 36 8 38 51 51 12 46 17 68
4 4 4 54 53 29 28 28 66 37 37 8 52 52 13 47 46 46
5 5 5 65 1 54 29 29 6 10 59 61 53 53 14 48 63 17
6 6 18 2 54 55 30 30 7 38 38 62 54 54 15 63 47 18
7 7 19 3 66 30 31 31 8 39 60 39 55 55 16 69 18 19
8 8 20 4 70 1 32 32 9 60 9 63 56 56 39 20 19 69
9 9 21 34 30 56 33 33 30 11 39 64 57 57 40 21 48 47

10 10 22 32 55 31 34 34 31 12 61 40 58 58 41 22 64 20
11 11 23 33 67 2 35 35 32 13 68 9 59 59 42 49 20 48
12 12 24 55 2 57 36 36 33 40 10 65 60 60 43 50 49 21
13 13 25 56 31 32 37 37 34 41 40 41 61 61 44 64 21 22
14 14 26 57 56 3 38 38 35 42 62 10 62 62 59 23 22 49
15 15 27 66 3 33 39 39 36 61 11 42 63 63 60 24 50 23
16 16 28 67 32 4 40 40 37 62 41 11 64 64 61 51 23 24
17 17 29 70 4 5 41 41 38 68 12 12 65 65 70 25 24 25
18 18 49 5 33 58 42 42 55 14 13 66 66 66 17 26 25 70
19 19 50 6 57 34 43 43 56 15 42 43 67 67 45 27 26 50
20 20 51 34 5 59 44 44 57 43 14 44 68 68 46 28 51 26
21 21 52 35 34 35 45 45 58 44 43 13 69 69 47 52 27 27
22 22 53 58 6 36 46 46 67 16 15 45 70 70 48 29 28 28
23 23 54 59 35 6 47 47 68 17 44 14
24 24 62 7 7 60 48 48 69 45 16 15

5.1. C44

According to Reference [26], there is a monotonous relation between hardness and C44. In Figure 3,
there is a regular distribution of all the points. They are distributed in two areas. The data points
have the concentration of W + Mo ≥ 0.4 distributed at the top area. It is obvious that the values of C44

are bigger than the area below. There is also a data blank area between them. C44 increases with the
increase of the W + Mo concentration. Thus, W and Mo show significant influence on C44. This may be
due to the fact that the C44 of Mo (125 Gpa) and W (163 Gpa) are higher than the C44 of V (46 Gpa),
Nb (31 Gpa), and Ta (82 Gpa). The densities of W and Mo are 19.350 g/cm3 and 10.390 g/cm3. In order
to decrease the density and keep the high hardness of the V–Mo–Nb–Ta–W system, increasing Mo
concentration and decreasing W concentration may be a feasible method.

Figure 3. Scatter-plots of C44 of all seventy compositions.

5.2. Bulk Modulus

According to Reference [27], bulk modulus B can be used to describe the average atomic bond
strength. The overall trend of the influence of alloying elements on B is shown in Figure 4. Figure 4a
indicates that with the increase of V concentration, B decreases, while Figure 4b indicates B increases
with the increase of Mo concentration. Additionally, Figure 4c indicates B decreases slightly with the
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increase of Nb concentration. Figure 4d shows that the concentration of Ta has no obvious influence on
B. B increases with the increase of W concentration, as shown in Figure 4e. Furthermore, data points
ran periodically with the changes of element concentrations. The trend in each period is the same as
the overall trend of each element. For example, in Figure 4c, B decreases in the Nb = 0.1 area. This can
be attributed to the increase in the concentration of element V. Arrow a in Figure 4e shows B decreases
with the increase of Nb. Arrow c in Figure 4a shows B decreases with the decrease of W. A sharp
variation in some points (1, 2, and 3) can be seen in Figure 4. For example, point 1 in Figure 4b shows
that the initial concentration of W is 0.1, while the final concentration of W is 0.3. Thus, B increases
sharply. In summary, Mo and W can help to increase B. Elements V and Nb have a negative effect on B.
B has a high value in each period with W + Mo ≥ 0.4.

Figure 4. The trend of B along with element concentrations: (a) V, (b) Mo, (c) Nb, (d) Ta, and (e) W.

5.3. G, E, B/G, ν

The hardness of materials can be related to Young’s modulus E and the shear modulus G [28].
The general trend is that the larger these two moduli are, the harder the material. According to the
Pugh criteria [29], materials with B/G < 2 are associated with brittleness; otherwise, the materials
may behave as ductile. Materials with υ > 0.31 have good ductility. Otherwise, the materials are
considered brittle.

Figure 5 shows G and E have the same trend, while B/G and ν also have the same trend. It can
also be seen that there is an inverse relationship between them. Element V has a negative effect on G
and E, and a positive effect on B/G and ν. Thus, the trend of E, B/G, and ν can be predicted from the
trend of G. Figure 6 shows the trends of Mo, Nb, Ta, and W. It is obvious that W has a positive effect on
G and E and exhibits a negative effect on B/G and ν, while elements Nb and Ta have no obvious effect.
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In summary, element V can help to increase the ductility of the V–Mo–Nb–Ta–W system. G and E have
a relatively high value with W + Mo ≥ 0.4.

Figure 5. The trends of G, E, B/G, and ν along with V concentrations.

Figure 6. The trend of G along with element concentrations: (a) Mo, (b) Nb, (c) Ta, and (d) W.
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6. Conclusions

In order to improve the ductility and decrease the density of the V–Mo–Nb–Ta–W system,
the elastic properties of seventy different compositions were studied. This work concludes as follows:

1. Mo and W are key elements in the V–Mo–Nb–Ta–W system. The V–Mo–Nb–Ta–W system has
relatively high values of C44, B, E, and G, with high concentrations of Mo + W. The concentration
of Mo + W shows the most prominent effect on C44. Due to the high density of W, element Mo
can be used to substitute part of W. In this case, the concentration of W should be reduced.

2. V has low density (6.110 g/cm3) and plays an important in decreasing the brittleness of the
V–Mo–Nb–Ta–W system.

3. In comparison, Nb and Ta have relatively small influence on elastic properties.
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Abstract: Owing to the reduced defects, low cost, and high efficiency, the additive manufacturing
(AM) technique has attracted increasingly attention and has been applied in high-entropy alloys
(HEAs) in recent years. It was found that AM-processed HEAs possess an optimized microstructure
and improved mechanical properties. However, no report has been proposed to review the application
of the AM method in preparing bulk HEAs. Hence, it is necessary to introduce AM-processed HEAs
in terms of applications, microstructures, mechanical properties, and challenges to provide readers
with fundamental understanding. Specifically, we reviewed (1) the application of AM methods in
the fabrication of HEAs and (2) the post-heat treatment effect on the microstructural evolution and
mechanical properties. Compared with the casting counterparts, AM-HEAs were found to have a
superior yield strength and ductility as a consequence of the fine microstructure formed during the
rapid solidification in the fabrication process. The post-treatment, such as high isostatic pressing
(HIP), can further enhance their properties by removing the existing fabrication defects and residual
stress in the AM-HEAs. Furthermore, the mechanical properties can be tuned by either reducing
the pre-heating temperature to hinder the phase partitioning or modifying the composition of the
HEA to stabilize the solid-solution phase or ductile intermetallic phase in AM materials. Moreover,
the processing parameters, fabrication orientation, and scanning method can be optimized to further
improve the mechanical performance of the as-built-HEAs.

Keywords: high-entropy alloys; additive manufacturing; microstructure; mechanical properties

1. Introduction

High-entropy alloys (HEAs) and multi-principal-element (MPE) alloys were proposed by Yeh [1]
and Cantor [2] in the 2000s, respectively, attracting increasing interest all over the world. It was
originally defined as an alloy composed of five or more multi-principal elements, with equi- or
near equi-atomic percentages [1]. However, recently, researchers extended the concept of HEAs,
which now include alloys with three or four principal elements as well [3]. Usually, they have a
single crystal structure, such as a body-centered-cubic (BCC) [4–6], face-centered cubic (FCC) [7–11],
or hexagonal-closed packed (HCP) structure [12–15]. HEAs present superior properties, such as a
combination of high yield strength and ductility [16], good microstructural stability and retained
mechanical strength at elevated temperatures [17–23], strong resistance to wear [24,25], fatigue [26–31],
corrosion, and oxidation [32–36].

Most previous studies have focused on cast materials and their microstructure tuning through
different post-processing methods, such as cold rolling, forging, or annealing treatment [37]. However,
casting defects, such as shrinkages and pores, exist in as-cast materials, thereby requiring further
processing to remove these defects. Compared with the conventional up–down fabrication method,
additive manufacturing (AM), a flexible processing technique, has been applied to the fabrication of
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HEAs to produce materials with a complex geometry. AM, also known as three-dimensional (3D)
printing, enables the fabrication of 3D objects based upon computer-aided design (CAD) models,
which have been accepted as a transformative technology across multiple industries [38,39]. The AM
technique has been becoming increasingly important in the materials science field and has been
broadly applied in the industry for manufacturing products with complex shapes. Currently, several
engineering materials can be produced by AM, such as aircraft components made of Ti alloys [40,41],
Al alloys [42], stainless steel [43], and Polyamide 12 [44], which can significantly increase production
efficiency and decrease the production cost due to the combined advantage of the net-shaping capability
and design freedom [45]. Especially, several methods based on the AM concept were developed and
commonly used in manufacturing products. They are classified as the laser metal deposition (LMD),
selective laser melting (SLM, also called laser beam melting, LBM), laser metal fusion (LMF), direct
metal laser sintering (DMLS) [46], or selective electron beam melting (SEBM) [39]. Direct metal
deposition (DMD) and direct laser fabrication (DLF) are two representative LMD processes.

LMD is characterized by the part being cladded layer by layer [47], as shown in Figure 1.
The powders are melted after being carried by the inert gas into a laser beam and are then fed onto the
workpiece to fuse with the thin layer deposited previously [47]. LMD can produce the 3D product with
the ultrafine microstructure and highly complex geometry based on the layer-by-layer incremental
shaping and consolidation of the feedstock to a wide range of configurations. The composition of
the feeding powder could be modified by in-situ alloying during LMD, e.g., alloying varied amounts
of Al to a CoCrFeMnNi powder blend, which will lead to even higher flexibility and throughput
production [48,49].

Figure 1. Schematic image of LMD. Image displayed with the permission from the authors in [50].

SEBM is a melting fabrication process by a high-power electron beam in vacuum. Metal powders
are normally fed from a hopper and then distributed by a rake across a build plate. A powder layer,
which is uniformly supplied on the base plate, is pre-heated by the electron beam raster scanning,
as shown in Figure 2. The points built in the slice data obtained from 3D-CAD file are sequentially
melted by the focused electron beam. The process of powder feeding, pre-heating, and melting will
be repeated until the bulk metallic parts is completed [51]. SEBM has attracted increasingly attention
in the past decade due to its unique advantages of the high energy density of the high scan speed,
incident electron beam, and reduced operation cost, which make it a suitable method to produce
materials used the harsh environment, such as titanium alloys, aluminum alloys, cobalt chromium
alloys, and nickel-based alloys [52].
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Figure 2. Schematic image of the SEBM process. Image displayed with permission from the authors
in [53].

SLM is an AM technology applying a high-energy laser beam, by which the part is fabricated
in a layer-by-layer mode through the selective melting and consolidation of the metal powder [54],
as shown in Figure 3. The layer thicknesses vary in a range of 20 and 100 μm. Compared with the
traditional casting and forging method, SLM attracts increasing attention due to its impressive features,
such as the ability to net-shape manufacture without the dies and high geometry complexity [55].

Figure 3. Schematic image of the SLM process. Image displayed with permission from the authors
in [56].

AM has gained increasing attention ascribed to its ability of producing parts with complex
shapes. The laser-melting method has been used to HEAs to obtain coatings and bulk materials [57,58].
Brif et al. [55] studied the FeCoCrNi HEA alloy by the powder-bed technology, suggesting that the
alloy remained in its single-phase solid-solution state and displayed excellent strength and ductility.
Similarly, the phase evolution and mechanical properties of AlCoCrFeNi [52] and CoCrFeMnNi [59]
HEAs were reported. In the current study, we review the application of AM in HEAs in terms of
their microstructures, mechanical properties, and deformation mechanisms and compare them with
conventional cast-HEAs.

2. Microstructure Evolution during the AM Process

2.1. CoCrFeNi HEAs

Most of the previous studies are the HEA coatings [60,61]. Here, we highlight the performance
of AM applications on bulk HEAs. The CoCrFeNi alloy system has been studied most, and more
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compositions or systems have been developed based on this alloy. For instance, AlxCoCrFeNi and
CoCrFeNiMn HEAs have been commonly investigated in recent years. Brif et al. [55] studied FeCoCrNi
HEAs fabricated by SLM, followed by annealing treatment. X-ray diffraction (XRD) results showed
a single BCC solid solution with a uniform chemical composition. No segregation could be found.
Later, Karthik et al. [62] proposed a new concept of the metal–metal composite, which consists
of an aluminum–magnesium alloy, the AA5083 matrix, and the nanocrystalline CoCrFeNi HEA
reinforcement precipitates in 12 vol%. Scanning electron microscope (SEM) images presented a very
uniform distribution of HEA particles across the layers in a multi-layer composite. No intermetallic
compounds, severe deformation, or accumulation of the HEA particles could be found at the interfaces,
which was further confirmed by transmission electron microscope (TEM) examination. Furthermore,
the TEM results presented a dynamic recrystallized aluminum matrix with fine equiaxed grains,
which illustrated various dislocation densities, and some of the grains exhibited cells and subgrains in
their formative processes.

In order to improve their mechanical performance, Zhou et al. [63] obtained the C-containing
FeCoCrNi HEAs fabricated by SLM with varying processing parameters. A single-FCC solid solution
without the carbide phase was detected, and a uniform distribution of carbon in the matrix was found
as well. Equiaxed grains existed mostly in the middle and bottom parts of the sample, and most grains
in the top part were columnar. The geometry of grains in the SLM samples was found to be related to
the cooling rate and thermal gradient. The electron-backscattered diffraction (EBSD) results revealed
that the grain size and microstructure of the SLM specimens were highly dependent upon the laser
power and scanning speed. For example, the specimen with a low power presented a larger number of
equiaxed grains, and grains became irregular by increasing the scanning speed.

2.2. AlxCoCrFeNi HEAs

Based on the CoCrFeNi composition, more AM investigations were performed on both composites
and simple HEAs. For instance, with the addition of Al to CorCrFeNi, various microstructures were
obtained by different processes. A single FCC phase in DLF Al0.3CoCrFeNi alloys was observed by
Joseph et al. [64]. A large grain structure was found to be parallel and transverse to the build direction,
with a strong texture of <001>, which could be due to the extensional growth of the material along the
orientation of the deposition caused by the quick cooling rate and large thermal gradient in the molten
pool. It should be noted that a small amount of very fine Ni- and Al-rich particles could be detected at
grain boundaries.

By increasing the content of Al to CoCrFeNi, Fujieda et al. [51] reported the BCC and FCC
structures in AlCoCrFeNi after SEBM. Further EBSD results showed that the BCC crystal grew along
the direction of <100>, which is a preferred orientation for crystal growth in the BCC alloy, which is
along the build direction, coinciding with the heat-flux direction. Similarly, Shiratori et al. [65] prepared
the AlCoCrFeNi by SEBM as well. More complex solid solutions of B2/BCC and FCC phases were
obtained, which is different from the SEBM-specimen with BCC and FCC phases and the casting
specimen with B2/BCC phases. Moreover, the confirmed Al–Ni-rich B2/Cr–Fe-rich BCC phases were
found to be oriented along the build direction. The detailed elemental distribution in each phase is
shown in Figure 4. An AlCoCrFeNi HEA with BCC, B2, and FCC phases along the grain boundaries
was fabricated by Kuwabara et al. [52] by applying the SEBM method. Similarly, the SEBM samples
presented fine and columnar grains along the building direction with a texture of <100>.
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Figure 4. (a) The high-angle annular dark-field scanning transmission electron microscopy
(HAADF–STEM) image and elemental maps obtained from the energy-dispersive X-ray spectroscopy
(EDX). (b,c) Nano-beam diffraction (NBD) patterns obtained from the Al–Ni-rich and Cr–Fe-rich
regions, respectively. Image displayed with permission from the authors in [65].

Li et al. [49] further investigated the properties of the ultrafine nanocrystals (UNs)-modified
FeCoCrAlCu high-entropy alloy composites (HEACs) fabricated by the LMD, which presented the
fine microstructure without the micro-crack with many AlCu2Zr UNs attached to the HEAC matrix.
The lattice distortion was observed as well, due to the ultrafine microstructure and high diffusion of
UNs destroying the atomic-equilibrium state, which increased the potential/free energy, thus leading
to the formation of the lattice distortion. On the one hand, compression stress resulting from the
alloying elements of the small atomic radius was generated. On the other hand, tensile stress resulting
from the alloying elements of the large atomic radius was also achieved. The reciprocal interaction of
these two kinds of stress fields led to decreasing stress and the formation of a relatively stable atomic
group, favoring the formation of UNs.

Niu et al. [66] investigated the phase evolution with varying the volumetric-energy density (VED),
as shown in Figure 5. During the SLM process, the phase is mainly composed of A2 and B2 phases.
Specifically, the B2 phase was mostly found to be distributed on the boundary of the molten pool,
indicating that the B2 phase was the original structure due to the strongest combination between Al
and Ni elements. Thus, the other elements were homogeneously dispersed around the Al–Ni B2 phase
and formed the A2 phase. As the VED increased, the B2 phase increased, while the A2 phase tended to
decrease, which was mainly due to the larger VED, inducing a faster cooling rate and thus leading to
more B2 phases [66].

Figure 5. Phase dispersion of different VEDs in SLM samples: (a) 68.4 J/mm3; (b) 83.3 J/mm3;
(c) 97.2 J/mm3; and (d) 111.1 J/mm3. Image displayed with permission from the authors in [66].
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Sistla et al. [67] studied the Al/Ni ratio effect on the microstructure in AlxFeCoCrNi2−x (x = 0.3
and 1) HEAs fabricated by the LMD method. The XRD and SEM results suggest that the studied
solid solution transforms from BCC to FCC structures, which is consistent with the casting HEAs [67].
Joseph et al. [68] firstly proposed the HIP effect on the microstructure and mechanical behaviors
in DLF AlxCoCrFeNi HEAs. The FCC, duplex FCC + BCC, and BCC solid solution were found
in Al0.3CoCrFeNi, Al0.6CoCrFeNi, and Al0.85CoCrFeNi HEAs, respectively, which was similar to
the casting specimens in previous reports [69]. It turned out that the HIP process removed all
second-phase grain-boundary phases and segregation of the Al0.3CoCrFeNi alloy, indicating that
the isothermal holding at 1100 ◦C for 2 h during HIP leads to the chemical homogenization of the
material and the effectively dissolving of the grain-boundary phases, even though the HIP may induce
microstructural coarsening.

2.3. CoCrFeMnNi HEAs

With the development of the AM research on HEAs, Cantor’s alloys have been employed in 3D
printing as well. Haase et al. [48] investigated the 3D printing of the elemental powder blend in the
CoCrFeMnNi system, producing elongated features with cellular dendrite structures. In fact, the fast
cooling rates during the fabrication process could contribute to the formation of a fine cellular dendrite
structure. The EDX-elemental mapping suggested a more homogeneous distribution of five principal
elements than that in the casting specimens. Li et al. [70] firstly studied the processability of the
non-equilibrium microstructure in the SLM CoCrFeMnNi. By increasing the VED, the microstructure
became much denser. They showed that the HIP process removed the microcracks, and most
micropores were closed, leading to an increased density, large grains, and a more homogeneous
elemental distribution. The non-equilibrium processing of SLM resulted in a greater residual-stress
difference than that in the HIP specimens. The TEM examination revealed the existence of an original
FCC phase and a tetragonal-precipitation phase, which were due to the ultrafine grains and a large
amount of dislocations induced in the SLM process. Moreover, nanotwins were found during the SLM
process without plastic deformation, which may have been due to the low stacking fault energy caused
by rapid solidification.

Guo et al. [71] firstly proposed the post-machining on the SLM CoCrFeMnNi HEA specimens
to investigate the machinability. SEM illustrated that the mechanical polishing led to a uniform
elemental distribution and smooth surface without clear waviness even though some microcracks and
very small pores were present. Piglione et al. [59] proposed the printability of a CoCrFeMnNi HEA
with single-layer and multi-layer builds fabricated by the laser-powder-bed fusion. A homogeneous
distribution of composition was found in the bulk of the HEA with a single FCC crystal structure
and a high degree of consolidation, without the apparent elemental segregation. In the single layer,
the high cooling rate resulted in much finer cells, compared with previous reports [72] with the
same composition. The high hardness values may be due to the restricted moving dislocation by cell
boundaries during plastic deformation. Moreover, the cells were found to be aligned along the <001>
orientation because the preferred growth direction is aligned with maximum heat flux. Similar cells
with a reduced number could be found in multi-layers. The alternating sequence of columnar grains
dominated by two crystallographic orientations was reported, which was caused by the coupling of
the extensional growth and grain selection after remelting.

In order to explore the AM materials application in a harsh environment, Qiu et al. [57] firstly
reported the deformation mechanism at cryogenic temperature in the CrMnFeCoNi HEA fabricated by
the LAM process. A single FCC crystal structure with a typical dendrite structure and a lattice constant
of 3.598 Å were observed. The growth direction of the dendrite was found to be perpendicular to the
laser-scanning direction due to the quick directional solidification. Zhu et al. [45] investigated the
hierarchical microstructure in the CoCrFeNiMn HEA by SLM. The as-built specimens were obtained
by controlling the processing parameters of the laser energy density, laser power, and scanning
speed. The SEM images revealed that the columnar grains formed along the building direction (BD),
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with a <001> texture, implying epitaxial growth, which indicates that the formation of the cellular
structure was correlated solidification conditions. A sub-micron cellular structure was detected under
TEM, which was displayed with a large amount of dislocations and with clean interiors. No obvious
segregation could be found from EDS, which was due to a fast cooling rate kinetically suppressing the
segregation. After a heat treatment (HT), the cellular structure vanished with a much lower dislocation
density left, suggesting their thermodynamically metastable characteristic [45]. Later, Fujieda et al. [73]
investigated the SEBM method to prepare the CoCrFeNiTi-based HEA. The XRD results presented
Ni3Ti intermetallic compounds with a uniform distribution in the matrix, different from the segregation
in casting specimens, as shown in Figure 6. The needle-like NiTi precipitates with a basket-weave
morphology contributed to the high yield strength in this SEBM specimen.

Figure 6. EPMA elemental maps of Ni and Ti in the as-cast sample and SEBM sample. Image displayed
with the permission from the authors in [73].

2.4. Ti25Zr50Nb0Ta25 HEAs

The Ti25Zr50Nb0Ta25 refractory HEA fabricated by laser-melt deposition has been recently
reported. Phase separation was found in the specimen, as shown in Figure 7a. The segregation
near the grain boundary was found to be enriched in Ta and depleted in other elements, which was
confirmed as a BCC crystal structure, similar to the matrix but with different compositions, shown
in Figure 7b. Moreover, it was suggested that the grain size during the fabrication process was more
likely influenced by the chemical partitioning of Ta in Zr-rich areas rather than the cooling rate [74].
The other MoNbTaW refractory alloy was prepared by the DMD method, but an additional remelting
procedure between the powder deposition was required due to the different melting points of elements.
The resultant compositional homogeneity of alloys was improved by preheating, laser parameters,
geometries, and heat conduction [75].
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Figure 7. (a) Ta-enriched in the grain boundary and Ta-rich dendritic core inside the grain (illustrated
by red arrows). Nb, Zr, and Ti concentrations showing an opposite trend (illustrated by red arrows).
(b) EBSD presenting the grain-orientation map. Image displayed with permission from the authors
in [74].

3. Mechanical Properties of AM-Processed HEAs

3.1. CoCrFeNi HEAs

Brif et al. [55] studied the mechanical performance of FeCoCrNi prepared by SLM and compared
it with a more traditional processing route of arc melting, as shown in Figure 8. It was apparent that
the AM specimen presented a much higher yield strength than that in the arc-melt specimen, while still
retaining a significant portion of ductility. The enhanced mechanical properties of AM specimens
were ascribed to a fine microstructure, due to the large temperature gradients and rapid solidification
in SLM.

Figure 8. Representative tensile stress–strain curves of AM specimens with a 20-μm-layer thickness.
Image displayed with permission from the authors in [55].

Karthik et al. [62] investigated the mechanical properties of the aluminum-magnesium alloy,
an AA5083 matrix reinforced with 12 vol.% of CoCrFeNi HEA nanoparticles, i.e., the HEAp/5083
composite, fabricated by friction deposition. The composite demonstrated a high strength, resulting
from the reinforcement precipitates of nanocrystalline CoCrFeNi, with a uniform distribution in
the ultra-fine-grained aluminum matrix. It was suggested that the strengthening mechanism in the
single-layer/HEAp/5083 composite could be the existing load transfer from the Al matrix to the
reinforcement precipitation. The fracture morphology also revealed fine HEA reinforcement particles
inside many of the dimples. The encouraging mechanical properties in the HEAp/5083 composite were
due to the deficiency of brittle intermetallics at the particle/matrix and layer interfaces. The influence
of SLM-processing parameters on mechanical behavior was studied in other C-containing FeCoCrNi
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alloys [63]. It was found that the yield strength was not significantly affected by the scanning speed
and laser power. By applying the highest scanning speed of 1200 mm/s and a laser power of 400 W,
the highest yield strength with a comparable ductility was obtained. It was apparent that the addition of
carbon resulted in enhanced strength for FeCoCrNi, due to solid-solution strengthening. Work hardening
was suggested to be caused by the interaction of dislocation–dislocation and dislocation–cellular walls
since there was no deformation twinning.

3.2. AlxCoCrFeNi HEAs

The mechanical properties of the addition of Al to CoCrFeNi alloys were extensively investigated
in the AM HEAs. Joseph et al. [64] studied the asymmetry of tension/compression in the Al0.3CoCrFeNi
alloy with a strong preferred orientation, fabricated by the DLF method. A significant difference in
work hardening after yielding could be found in compression and tension curves, even though they
had similar yield strengths. The limited work hardening in the tensile experiment was caused by cracks
propagating along the grain boundaries, which may have been due to the precipitates enriched in nickel
and Al, developing along the grain boundaries, which was observed in the laser-fabricated Rene88DT
superalloy as well. Interestingly, deformation twins could be found in compression specimens, rather
than tension specimens, because the stress required for the deformation twin could not be reached in
the tensile sample before the final fracture. It was suggested that the loading axis in the tensile and
compressive specimens were parallel to the depositing direction, which had a significant regulation
with the texture of <001>, and was well arranged for deformation twins in the compressive experiment,
but failed to orient for twinning in the tension experiment, due to the fact that only in certain directions
can the polar deformation twinning accommodate the shape change. Thus, a high working-hardening
rate was found in the preferred direction that favors twinning in the compression sample, revealing
that the strong texture in the primary material integrated with the activation of twinning contributed
to the difference in work-hardening behavior in the tensile and compressive experiments.

With the increase in Al content, the mechanical properties in the AlCoCrFeNi alloy was
investigated by the SEBM method [65]. The compressive stress–strain curve presented much better
plasticity in SEBM specimens than that in the cast specimens [51,52], due to their finer grains obtained
at a higher cooling rate. The cooling rate in the solidification process during the SEBM varied in
the range of 10−3–10−5/s, which was much greater than the conventional casting case even with a
water-cooled copper mold. This trend could be a reason for the improved deformability in SEBM
alloys. Moreover, the generation of the FCC structure could contribute to the good ductility in SEBM
materials. It was concluded that the cast specimen of AlCoCrFeNi almost solely consisted of the B2
and BCC phase mixture, which lacks the slip system and leads to a brittle fracture. However, in SEBM
specimens, a substantial fraction of the ductile FCC phase was found, which will favor the multi-slip
system and thus enhance ductility during the compression experiment, as shown in Figure 9.

Figure 9. True stress–strain curves in the cast and SEBM samples. Image displayed with permission
from the authors in [65].
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Similar work and results were obtained in AlCoCrFeNi alloys [51,52] as well. Moreover,
the anisotropy of the compressive specimen was observed, which was ascribed to a large number
of grain boundaries [51]. The SEBM sample along the BDs exhibited improved properties, but the
reduced yield strength and plasticity were found in samples perpendicular to the build direction (BD).
Moreover, their compressive properties were much higher than the tensile properties, which was
consistent with previous studies [68]. As previously discussed, FCC and B2 ordered phases existed in
the SEBM materials. The fracture of the tensile specimens was ascribed to the preferential formation
and propagation of the cracks along BCC/FCC boundaries induced by the significant difference
in the elastic properties of these adjacent phases. The micro-voids found in the failed specimen
were attributed to the shrinkage induced by the denser FCC phases than BCC or B2 structures [45].
Li et al. [49] proposed the mechanical performance of the composite of the FeCoCrAlCu alloy deposited
on the titanium alloy via the LMD method. The excellent wear resistance of materials was primarily
attributed to their multiple structure, such as the quasi-crystalline/nanocrystalline phases, and the
free micro-crack microstructure. The enhanced strength and ductility induced by adding the proper
amount of Y2O3 content could lead to the improvement of the wear resistance. Moreover, the spreading
nanoscale particles were capable of withstanding the external normal load, leading to increased
wear performance.

3.3. CoCrFeMnNi HEAs

The mechanical properties and formability of CoCrFeMnNi HEAs were widely investigated by
various AM methods [41–51]. Haase et al. [48] revealed the high formability and significant high
hardness of CoCrFeMnNi alloys fabricated by the LMD method, producing excellent yield strength
and ductility. It was clear that the yield strength of LMD-produced materials presented a much higher
value than that in cast materials, which may have been due to the pronounced texture, lowering the
mean Schmid factor, thus requiring higher stress to initiate dislocation motion. Furthermore, the initial
high density of dislocation caused by the fast solidification and cooling in the LMD process contributed
to the increased yield strength as well.

Li et al. [70] studied the mechanical properties of the CoCrFeMnNi HEA by the SLM method.
Holes and cracks were reduced by increasing the VED, leading to higher ultimate tensile strength.
The tensile strength was improved by HIP, which was ascribed to the closure of micro-pores and
micro-cracks, accompanied by the reduced elongation. Overall, the SLM specimen presented a higher
tensile strength than that in the slowly solidified HEA, which could be explained in terms of the
Hall–Petch theory, which shows that decreasing the grain size leads to high strength. Moreover,
the precipitation of the σ phase, preserving from high temperatures owing to rapid solidification,
contributed to the improvement of the tensile strength. Furthermore, a similar investigation
was performed on the strengthening mechanism in an SLM CoCrFeNiMn HEA with hierarchical
microstructures [45]. All the SLM specimens presented much better mechanical properties than that in
the as-cast specimens. The postmortem STEM indicated a significant dislocation arrest and retainment
mechanism within the deformation cells, resulting in a distinct increase in the dislocation density within
the cell walls, which is consistent with Piglione’s [59] work. Moreover, the planar sliding interact
with the cellular structure substantially for forming a 3D dislocation network, which dominates
the deformation process in the as-built HEAs, accompanied by the additional contribution from
deformation twinning. Based on the calculation of the yield strength dependent on the dislocation
density, they induced that the improved strength was mostly controlled not only by grain-boundary
strengthening and friction stress but also by dislocation hardening. Furthermore, the excellent uniform
elongation of the as-built HEA was due to the capability of steady strain-hardening at large stress levels.
Specifically, dislocations being significantly arrested and retained in the cell interior, and substantial
interactions between slip bands and cellular structures, resulted in the generation of a complicated
dislocation configuration, which led to a comparable strain-hardening ability.
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Another way of studying LAM-fabricated HEAs was investigated to explore the deformation
mechanisms at cryogenic temperatures [57]. Their yield strength and ductility were enhanced when
the temperature decreased from 298 to 77 K, as shown in Figure 10. The strength in the LAM specimen
was found to be higher than that in the as-cast sample, which was due to the suppressed elemental
segregation and possible high dislocation density induced by the fast solidification rate in the LAM
sample. Deformation twinning was found in the deformed sample. When increasing the plastic strain,
the deformation twinning was more obvious. The increased deformation twinning was more dispersed
as the strain reached the highest level. However, the deformation mechanism could not be dominated
by deformation twinning even at high strain levels due to the limited quantity and its heterogeneous
distribution. The local misorientation map indicated that the dislocation is the dominant deformation
mechanism, especially with a low strain value. The density of dislocations increased rapidly and
uniformly with increasing strain, which revealed that dislocations played an essential role during
deformation. It was noticeable that the initial dislocation density in the LAM specimen was substantial,
larger than that in the reported materials, which may have been due to rapid solidification and cooling
in the LAM process. Such microstructures will undoubtedly produce an enhanced yield strength.
It should be noted that, under the cryogenic condition, the deformation twinning at high strain levels
could be an obstacle to moving dislocation, resulting in a continuous accumulation of dislocations,
thus leading to a high work-hardening rate as well as an increased strength.

Figure 10. Tensile engineering stress–strain curves in the CoCrFeMnNi HEA tested at 293 K and 77 K,
respectively. Image displayed with permission from the authors in [57].

Fujieda et al. [73] investigated the tensile properties of the CoCrFeNiTi-based HEA, achieved using
SEBM and the subsequent solution treatment. The untreated SEBM sample presented a much higher
tensile strength than that in the as-cast specimen, due to the uniform distribution of the needle-like
Ni3Ti in the matrix, while a reduced ductility was found as well, which should be attributed to
the cracks progressing along the boundaries between excessive Ni3Ti intermetallic compounds and
the matrix.
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Figure 11. Engineering stress-engineering strain curves of deposited, and solution-treated SEBM
specimens tested at room temperature. Image displayed with permission from the authors in [73].

3.4. Post-Treatment Effect

It has been proposed that post-treatment has a significant effect on the mechanical properties
of AM-processed HEAs. It is believed that defects such as residual stress may exist in a specimen
during deposition, which may affect the mechanical properties. For example, after annealing at
750 ◦C, a CoCrFeNi specimen presented a reduced yield and tensile strength with a minor reduction
in ductility. When annealing temperature increased to 1000 ◦C, this CoCrFeNi specimen presented a
lower yield strength and tensile strength, but improved ductility, which was due to the stress relief
and grain growth (shown in Figure 8) [55].

The HIP effects on mechanical properties were studied in the DLF AlxCoCrFeNi alloy (x = 0.3, 0.6,
and 0.85) [68]. The DLF/HIP Al0.3CoCrFeNi presented an enhanced ductility and work-hardening rate,
without losing its yield strength. However, the DLF/HIP Al0.3 showed an improved yield strength but
reduced ductility. A small volume fraction of deformation twinnings was found in the tension-failed
specimens of the DLF/HIP Al0.3CoCrFeNi, which was due to a lower stress compared with the critical
stress to activate the twinning. The formation of the hard B2 grain-boundary phase by the HIP process
was detrimental to tension, which led to reduced ductility. This result was proved by the fact that
the B2 phase in AlxCoCrFeNi failed to accommodate shape changes. Sistla et al. [67] studied the
heat-treatment effect on the AlxFeCoCrNi2−x prepared by DMD. It was found that the Fe–Cr matrix in
the as-deposited, annealed, and as-quenched specimen was enhanced by the precipitates of the Ni-
and Al-rich phases. The Al–Ni composition will transform to a two-phase domain with NiAl + Ni3Al
at higher temperatures, resulting in further improvment in the strength of materials.

A SEBM–CoCrFeNiTi-based HEA exhibited good tensile properties [73]. In order to further
improve the mechanical properties of SEBM materials, a solution treatment was performed, leading to
the disappearance of Ni3Ti. Only small particles composed of Ni and Ti elements were present in the
specimen. It is obvious that the ductility was improved without lowering their strengths after solution
treatment (ST), as shown in Figure 11. The excellent ductility induced by the delay at the beginning
of the plastic instability was attributed to the dynamic recovery induced by the screw-dislocations
cross slips or the dislocations coalescence and annihilation during the plastic deformation. Specifically,
the air-cooled (A.C.) specimen illustrated a higher yield strength but a lower ductility than that in the
water-quenched (W.Q.) specimen, which was ascribed to the different precipitate size of the ordering
phases that can act as a weak obstacle to the moving dislocation. The particle size of the sample
obtained by the A.C. method was about 40 nm, higher than that of the W.C. sample, with a particle
size of 10 nm. It was concluded that the moving dislocation was able to cut through the small particles
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with a diameter of several tens of nanometers. Moreover, the critical resolved shear stress increased
proportionally to the square root of the precipitate diameter.

3.5. Comparison of Mechanical Properties

Figure 12 presents the yield strength and ductility obtained from both compression and tension
experiments in HEAs, conventional Al, TiAl, and Cu alloys, and steels alloys fabricated by AM [60,76].
It is apparent that HEAs present a much higher yield strength and impressive plasticity than that in Al,
TiAl, and Cu alloys and in steels. Even though the AlCoCrFeNi alloy fabricated by casting or by SEBM
was found to have a high yield strength in the tensile tests, limited ductility was observed as well,
which was due to the brittle phase appearance in the matrix. The modified Co1.5CeFeNi1.5Mo0.1 HEA
fabricated by SEBM showed an excellent combination of yield strength and ductility in the tensile
experiments due to the uniform dispersion of small Ni3Ti particles in the matrix. The CoCrFeNi
alloys prepared by SLM demonstrated a higher yield strength than that in the LMD CoCrFeNi
and CoCrFeNi HEA/5083 composite, but comparable to the SLM C-containing FeCoCrNi HEAs,
which was ascribed to their fine microstructure in SLM materials. The LAM CoCrFeMnNi HEA
suggested that the HIP-post process enhanced yield strength, but slightly lowered elongation. The SLM
CoCrFeMnNi HEAs depending on various scanning speeds and heat treatments displayed a wide
range of ductility and comparable yield strength. The DLF Al0.3CoCrFeNi alloys revealed a much
lower yield strength, compared with other methods, as apparent in Figure 12. We can conclude that
different AM methods induce substantial differences in both yield strength and plasticity, and the
post-heat-treatment enhances their properties by removing various defects and releasing the residual
stress present in the materials.

Figure 12. Yield strength vs. elongation using various AM methods. (TS: Tensile; CP: Compression).

4. Future Work

HEAs are potential materials that can act as functional and structural materials due to their
excellent properties. The complex geometries of HEAs cannot be realized by the conventional method.
Therefore, AM paves the way to the fabrication of HEAs with complicated shapes. However, defects
are present in AM materials, which degrade mechanical properties. Thus, it is essential to explore
ways to optimize the microstructure and enhance the mechanical properties of AM-processed HEAs.
Suggestions are as follows:
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1. The residual stress can occur in as-built components during the high cooling process, which may
cause crack growth. It is necessary to further optimize the processing parameters and heat
treatment regime to improve the microstructures and mechanical properties.

2. Most work highlights tension or compression experiments. Investigations on their fracture
toughness, fatigue properties, oxidation, irradiation, or corrosion properties are rare. It is essential
to study AM HEAs in a wide range of applications.

3. Moreover, most reported alloys are AlxCoCrFeNi or CoCrFeMnNi systems. Little work has
been performed on light-weight HEAs or refractory HEAs, which is another challenge for AM
investigation in the future.

4. It is essential to develop a broader compositional range and set of mechanical properties,
which could be a guideline to properly choosing an appropriate set of reinforcement compositions
and designing an AM product suitable for a complex service environment.

5. Investigating materials with large differences in melting temperature is another challenge.
6. The starting powder feature should have an important influence on the fabricated materials

during the AM process. Hence, it is essential to investigate an effective way of blending the
powder directly or indirectly to reduce agglomeration and increase homogeneity.

5. Conclusions

The application of AM in the fabrication of HEAs and the post-heat-treatment were reviewed.
The improved mechanical behavior of AM samples, compared with casting materials, is ascribed
to the refinement of microstructures caused by large temperature gradients, rapid solidification,
and cooling in the fabrication process, which is of significant importance in highly alloyed systems.
The post-heat-treatment enhances their properties by removing various defects and releasing the
residual stress formed in AM materials. Furthermore, reducing the pre-heating temperature to prevent
phase segregation or modifying the composition of the HEA to stabilize one of the phases of BCC, FCC,
and B2 structures were considered to improve the mechanical properties in AM materials. It is feasible
to further improve the mechanical performance of as-built materials by optimizing the processing
parameters, the scanning method, and the fabrication orientation. Promising results pave the way to
investigate HEAs as engineering materials by AM methods.
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Abstract: The effect of annealing temperature on the microstructure, phase constituents and
mechanical properties of Al0.5CoCrFeMoxNi high-entropy complex alloys has been investigated at
a fixed annealing time (10 h). The 600 ◦C-annealing has no obvious effect on their microstructures,
while the annealing at 800–1200 ◦C enhances the precipitation of (Al,Ni)-rich ordered BCC phase
or/and (Cr,Mo)-rich σ phase, and thereby greatly affects the microstructure and mechanical properties
of the alloys. All the annealed Al0.5CoCrFeNi alloys are composed of FCC and (Al,Ni)-rich ordered
BCC phases; the phase constituent of the Al0.5CoCrFeMo0.1Ni alloy changes from FCC + BCC
(600 ◦C) to FCC + BCC + σ (800 ◦C) and then to FCC + BCC (1100 ◦C); the phase constituents of the
Al0.5CoCrFeMo0.2Ni and Al0.5CoCrFeMo0.3Ni alloys change from FCC + BCC + σ to FCC + BCC with
the annealing temperature rising from 600 to 1200 ◦C; while all the annealed Al0.5CoCrFeMo0.4Ni
and Al0.5CoCrFeMo0.5Ni alloys consist of FCC, BCC and σ phases. The phase constituents of most of
the alloys investigated are in good agreement with the calculated results from Thermo-Calc program.
The alloys annealed at 800 ◦C under current investigation conditionshave relative fine precipitations
and microstructure, and thereby higher hardness and yield stress.

Keywords: high-entropy alloys; annealing; microstructure; mechanical properties; phase constituent

1. Introduction

The recently developed high-entropy alloys (HEAs), also known as multi-principal elements
alloys or complex concentrated solid solution alloys, have attracted increasing attention due to their
unique microstructures and adjustable properties [1–6]. The HEAs, which contains more than five
principal elements with concentrations from 5 to 35 at.% for each principal element [2], tend to form
simple solution structures (FCC, BCC, HCP or mixed) rather than many complex phases. To date,
many efforts have been made to understand and control the structure and properties within as-cast
and/or homogenized HEAs [7–15]. The original concept of HEAs and the strict restriction on the
HEA design strategy proposed by Yeh [2] have also been relaxed. Depending on their composition,
the as-cast and/or homogenized HEAs can have many interesting mechanical and physical properties,
and wide potential applications.

It has been realized that the solid solutions in as-cast HEAs are the firstly formed solid phases
upon cooling from the molten liquids, and are generally metastable phases at room temperature [16].
The room-temperature-metastable solid solutions could transform to other phases at an appropriate
annealing temperature, and the annealing process can modify the microstructure and properties of
the HEAs. Aging the AlCoCrCuFeNi HEA at elevated temperatures causes the structure gradually to
transform from stabilized BCC to FCC, decreases the yield strength of the alloy, and increases the plastic
strain of the material [17]. Aging the Cu0.5CoCrFeNi alloy at 1100–1350 ◦C induces the precipitation of a
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Cr-rich phase in the FCC matrix of the alloy, and improves the anti-corrosion properties of the alloy [18].
The AlNi-based B2 phase and Cr-rich σ phase formed in the Al0.5CrFeCoNiCu HEAs annealed at
700–900 ◦C [19]. A needle-like Cu-rich FCC phase has been precipitated from the BCC dendrite region
at the annealing temperatures higher than 973 K in the AlCoCuFeNi HEA [20]. The microstructure
and properties of the AlxCoCrFeNi HEAs have a strong dependence on the Al content and annealing
temperature [21]. The phase stability of the metastable solid solutions is actually becoming a critical
issue for HEAs.

Over the last decades, the single-FCC or BCC HEAs have been intensively investigated and
developed. In fact, it is very hard to reach a balance between high strength and high ductility for the
single-phase HEAs due to the fact that the single-FCC HEAs normally have good ductility and poor
strength, while the single-BCC HEAs generally have poor ductility and good strength. By adjusting
the composition of the alloys, a eutectic high-entropy alloy AlCoCrFeNi2.1 with a regular FCC/BCC
lamellar structure has been developed, and the alloy has an excellent combination of high strength
and high ductility [22], which was attributed to the coupling between the ductile FCC and brittle
BCC phases during tension deformation [23]. A transformation-induced plasticity-assisted dual-phase
(TRIP-DP) HEA has also been developed, in which two high-entropy phases (FCC γ matrix and
laminate HCP ε phase) present [24]. The TRIP-DP HEA combines the solid-solution strengthening
effect in HEAs with the TRIP effect, exhibits multiple deformation mechanisms and dynamic strain
partitioning behavior [25], and has improved strength and ductility compared to its corresponding
single-phase HEA. This combined increases in strength and ductility distinguishes the TRIP-DP-HEA
alloy from other structural materials [24]. All these results have showed that the dual- or multi-phase
HEAs can display an excellent combination between strength and ductility, and are becoming the
future direction for designing advanced HEAs.

The Al0.5CoCrFeNi alloy has a mixed FCC + B2 dual-phase structure with FCC as the dominant
structure [7,21]. Our previous results have shown that the addition of Mo into this alloy system
could enhance the formation of the σ phase, and tune the mechanical properties of the as-cast
Al0.5CoCrFeMoxNi [26]. Although we have evaluated the high-temperature equilibrium phases existing
in Al0.5CoCrFeMoxNi alloy using thermodynamic calculation, the results need to be assured by
experiments. On the other hand, an appropriate annealing process can further modify the microstructure
and improve its mechanical properties. In order to understand the temperature effect on this HEA
system, the aged-and-quenched microstructure, phase transformation and mechanical properties have
been investigated. The pseudo binary phase diagram derived from Thermo-Calc program has been
compared with the experimental results.

2. Materials and Methods

Ingots with nominal compositions of Al0.5CoCrFeMoxNi (x = 0, 0.1, 0.2, 0.3, 0.4 and 0.5, denoted
by Mo0, Mo0.1, Mo0.2, Mo0.3, Mo0.4 and Mo0.5, respectively) were prepared by arc-melting the
mixture of constituent elements with purity better than 99.9 wt.% in a water-cooled copper hearth
under a titanium-gettered high-purity argon atmosphere. The ingots were remelted at least four
times to assure their chemical homogeneity. Samples for microstructural observation and annealing
processes were cut from the ingots, mechanically ground and polished through standard routines.
Some samples were sealed in quartz tubes under a vacuum better than 1 × 10−2 Pa, and then
annealed at given temperatures for 10 h. After the annealing process, the samples were quenched in
water. The phase constitutions of the alloys were characterized using X-ray diffraction (XRD) with
Cu Kα radiation (X’Pert Pro, PANalytical B.V., Almelo, The Netherlands). The microstructure and
chemical compositions were examined on the polished samples using scanning electron microscopy
(SEM, SSX-550, SHIMADZU corp., Kyoto, Japan) equipped with energy dispersive spectrometry
(EDS). Hardness was characterized using a Vickers hardness tester (Wolpert 452SVD, Wolpert Wilson
instrument, Shanghai, China) under a load of 5 Kgf for 15 s. The hardness measurements were made
on at least seven points to yield an average value for each sample. Room temperature compressive
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tests were performed on cylindrical specimens with 5 mm in diameter and 10 mm in length using a
SHIMADZU precision universal tester (AG-X, SHIMADZU corp., Kyoto, Japan) with a strain rate of
8.3 × 10−4 s−1.

Thermodynamic calculations were conducted using the Thermo-Calc TCCS program in
conjunction with a commercial TTNI7 database, which is developed for Ni-based alloys and contains
22 elements including Fe, Co, Ni, Al, Cr, Cu, Nb and Mo. The pseudo binary phase diagram, fraction
and composition of each equilibrium phase at different temperatures were derived using the program.

3. Results and Discussion

3.1. Phase Transformation of Annealed Al0.5CoCrFeMoxNi Alloys

Figure 1 summaries the XRD patterns of the Al0.5CoCrFeMoxNi multicomponent high-entropy
alloys annealed at different temperatures for 10 h followed by water quenching. The XRD patterns of
the as-cast alloys are also given in the figure. The addition of Mo and the annealing process affect the
phase constituents in the alloys. The addition of Mo enhances the formation of σ and ordered BCC
phases in the as-cast Al0.5CoCrFeMoxNi alloys as reported in our previous work [26]. The Bragg peaks
in the XRD patterns of the as-cast Al0.5CoCrFeNi alloy can be indexed to a simple FCC phase. When the
Al0.5CoCrFeNi alloy was annealed at the temperatures between 600–1200 ◦C for 10 h, the Bragg peaks
corresponding to a BCC phase can found on the XRD patterns even though the peak at 2θ of about
44 is very weak for the alloy annealed at 1200 ◦C, meaning that the annealing induces the formation
of the BCC phase. Similarly, the as-cast and 600 ◦C-annealed Mo0.1 alloys have a dominant FCC
phase and a minor BCC phase, while a σ phase has been found in the Mo0.1 alloys annealed at 800 ◦C
and disappears again in the alloys annealed at 1000–1200 ◦C. The as-cast Mo0.2 alloy and the alloys
annealed at 600–1100 ◦C consist of three phases, namely FCC, BCC and σ phases, while the Mo0.2

alloys annealed at 1200 ◦C only have FCC and BCC phases. The as-cast Mo0.3 alloy and the alloys
annealed at 600–1100 ◦C are composed of the FCC, BCC and σ phases, while only FCC and BCC
phases can be found in the alloy annealed at 1200 ◦C. The as-cast and annealed Mo0.4 alloys have the
FCC, BCC and σ phases even though the peaks for BCC phase are very weak in the alloy annealed at
1200 ◦C. The as-cast Mo0.5 alloy and the alloys annealed at 600–1200 ◦C have FCC, BCC and σ phases
even though the peaks for the BCC phase are very weak in the alloy annealed at 1200 ◦C. It can be
concluded that both the Mo content and the annealing temperature affect the phase constituents of the
Al0.5CoCrFeMoxNi alloys. On the other hand, some kind of preferred orientation can also be observed
in some of the alloys.

 

Figure 1. Cont.
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Figure 1. X-ray diffraction (XRD) patterns of the as-cast Al0.5CoCrFeMoxNi alloys and the alloys
annealed at different temperatures for 10 h followed by a water quenching. (a) x = 0; (b) x = 0.1;
(c) x = 0.2; (d) x = 0.3; (e) x = 0.4; (f) x = 0.5.

3.2. Microstructures of Annealed Al0.5CoCrFeMoxNi Alloys

Figure 2 presents the microstructure of the as-cast Mo0, Mo0.1 and Mo0.2 high entropy alloys
and the alloys annealed at different temperatures for 10 h. Table 1 lists distribution of element in
different phases of the alloys annealed at 1000 ◦C. The as-cast Mo0, Mo0.1 and Mo0.2 alloys have
typical dendrite microstructures. The dendrite (DR) phase is FCC phase, while the interdendrite
(ID) region consists of (Al,Ni)-rich phase, FCC phase and/or (Cr,Mo)-rich phase [26]. The 600 ◦C
annealing has no obvious effect on the microstructure of the three alloys. However, the annealing
at temperatures between 800 and 1200 ◦C has a distinct influence on the microstructure of the three
alloys. The needle-like precipitations have been found in the Mo0 alloys annealed at 800–1100 ◦C,
and the EDS shows that both the needle-like precipitation (marked as NLP in the figure) and the dark
matrix phase in the ID region have high Al and Ni, can be regarded as a (Al,Ni)-rich phase (refer to the
data in Table 1). The (Al,Ni)-rich phase have an ordered BCC (B2) structure [21,26]. When increasing
annealing temperature, the number of needle-like precipitation decreases, while its size increases.
When the annealing temperature is up to 1200 ◦C, the needle-like (Al,Ni)-rich precipitation disappears.
It is clear that the two phases (FCC and (Al,Ni)-rich ordered BCC) exist in the Mo0 alloy annealed at
temperatures of 600–1200 ◦C, which is in good agreement with the observation from XRD patterns.
Similarly, many obvious precipitations have been found in the Mo0.1 and Mo0.2 alloys annealed at
800–1100 ◦C. By contrast with the Mo0 alloys, a new phase enriched with Cr and Mo (bright phase
marked as WP) has been observed in the Mo0.1 and Mo0.2 alloys. The (Cr,Mo)-rich phase is the σ

phase [26]. There are three phases, namely FCC matrix, needle-like (Al,Ni)-rich ordered BCC phase
and round-like (Cr,Mo)-rich σ phases, existing in the Mo0.1 alloys annealed at 800–1000 ◦C and the
Mo0.2 alloys annealed at 600–1100 ◦C, while there are two phases (FCC and (Al,Ni)-rich ordered BCC
phases) in the Mo0.1 alloys annealed at 1100 and 1200 ◦C and the Mo0.2 alloy annealed at 1200 ◦C.
It can also be observed that the (Cr,Mo)-rich σ phase exists in the DR and ID regions in the Mo0.1 and
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Mo0.2 alloys annealed at 800 ◦C, but only appears together with the (Al,Ni)-rich ordered BCC phase in
the alloys annealed at higher temperatures.

The alloys annealed at 800 ◦C have fine microstructures, and are supposed to have better
mechanical properties. The fine microstructure can be attributed to solid-state decomposition of
the B2 phase and FCC matrix. The phenomena can be often found in AlxCoCrFeNi alloys [27–30].
Heat treatment at 620 ◦C for the Al0.3CoCrFeNi alloy caused the transformation of FCC to FCC + L12

or FCC + B2 + σ phases depending on the processing routes, and the microstructural variation realized
by different process pathways was attributed to the competition between the thermodynamic driving
force and activation barrier for the second-phase nucleation [27]. An aging process lead to the spinodal
decomposition reactions of the FCC matrix and the interdendrite (Al,Ni)-rich phase in Al0.5CoCrFeNi
alloy, and the phase segregation effect was explained based on the mixing enthalpy between different
atom pairs [28]. Recently, Rao et al. found that a (Al,Ni)-rich L12 phase was precipitated from the FCC
matrix of Al0.5CoCrFeNi alloy, a Cr-rich BCC nanoprecipitate was observed in its B2 phase, and the
Cr-rich BCC nanoprecipitate was the origin of the σ phase [29]. Banerjee et al. also reported that
the solid-state decomposition resulted in the formation of FCC + L12 and BCC + B2, accompanied
by a compositional partitioning [30]. Cleary, the solid-state decomposition of the FCC matrix and
(Al,Ni)-rich ordered BCC in the Mo-free Al0.5CoCrFeNi alloy is responsible for its fine structure at
800 ◦C. In the Mo-containing alloys, the addition of Mo enhances the formation of σ phase. Both Cr
and Mo are strong σ-forming elements [31]. The σ phase forms either in a three-step formation from
B2 region or directly from the FCC matrix [29].

 x = 0 x = 0.1 x = 0.2 

As-cast 

   

600 °C 

   

800 °C 

   

1000 °C 

   

Figure 2. Cont.
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Figure 2. Back-scattering scanning electron microscope (SEM) images of the as-cast Mo0, Mo0.1 and
Mo0.2 high entropy alloys and the alloys annealed at different temperatures for 10 h. DR is for FCC
dendrite phase, ID is for (Al,Ni)-rich interdendrite phase, NLP is for needle-like (Al,Ni)-rich recipitate,
WP is for white (Cr,Mo)-rich precipitate, and BP is for black (Al,Ni)-rich precipitate. (a) as-cast Mo0

alloy; (b) as-cast Mo0.1 alloy; (c) as-cast Mo0.2 alloy; (d) Mo0 alloy annealed at 600 ◦C; (e) Mo0.1 alloy
annealed at 600 ◦C; (f) Mo0.2 alloy annealed at 600 ◦C; (g) Mo0 alloy annealed at 800 ◦C; (h) Mo0.1 alloy
annealed at 800 ◦C; (i) Mo0.2 alloy annealed at 800 ◦C; (j) Mo0 alloy annealed at 1000 ◦C; (k) Mo0.1 alloy
annealed at 1000 ◦C; (l) Mo0.2 alloy annealed at 1000 ◦C; (m) Mo0 alloy annealed at 1100 ◦C; (n) Mo0.1

alloy annealed at 1100 ◦C; (o) Mo0.2 alloy annealed at 1100 ◦C; (p) Mo0 alloy annealed at 1200 ◦C;
(q) Mo0.1 alloy annealed at 1200 ◦C; (r) Mo0.2 alloy annealed at 1200 ◦C.

Table 1. Distribution of elements (at.%) in different regions of the alloys annealed at 1000 ◦C.

Alloys Phases Fe Co Ni Al Cr Mo

Mo0-1000 DR: FCC 22.3 23.8 21.5 7.2 25.2 -
ID: (Al,Ni)-rich BCC 11.0 15.5 35.5 30.6 7.4 -

NLP: (Al,Ni)-rich BCC 16.0 18.6 22.4 31.2 11.8 -

Mo0.1-1000 DR: FCC 24.3 23.5 16.4 7.6 25.5 2.7
ID: (Al,Ni)-rich BCC 14.8 19.8 22.6 30.9 10.8 1.1

NLP: (Al,Ni)-rich BCC 16.8 16.8 28.5 20.7 15.7 1.6
WP: (Cr,Mo)-rich σ 19.3 18.5 6.7 4.4 40.5 10.6

Mo0.2-1000 DR: FCC 23.7 21.0 20.6 8.2 21.2 5.3
BP: (Al,Ni)-rich BCC 13.7 15.2 28.2 20.6 15.9 6.4
WP: (Cr,Mo)-rich σ 20.9 20.5 14.9 6.0 28.1 9.6

NLP: (Al,Ni)-rich BCC 20.2 22.9 21.9 11.0 19.6 4.5

Figure 3 summarizes the microstructure of the Mo0.3, Mo0.4 and Mo0.5 alloys at various annealing
temperature. Table 2 lists the elemental distribution in each phase for the three alloys annealed at
1000 ◦C. All the three as-cast alloys are composed of FCC, (Al,Ni)-rich ordered BCC, and (Cr,Mo)-rich
σ phases as stated in our previous work [26]. The 600 ◦C-annealing has also no obvious effect on the
microstructure of the three alloys, while 800 ◦C-annealing induces the precipitation of a large amount
of fine (Al,Ni)-rich BCC and (Cr,Mo)-rich σ phases in the alloys even though their typical dendrite
microstructure remains. Obvious coarsening occurred when the alloys were annealed at 1000–1100 ◦C,
and the morphology of BCC and σ phases changes greatly. The BCC and σ phases become larger,
and most of them appear together, implying that certain crystallographic orientation exists between
the ordered BCC and σ phases. A few precipitations with even higher Mo content can also be found in
the Mo0.5 alloy annealed at 1000 ◦C (marked as WP2 in the corresponding image). When the alloys
annealed at 1200 ◦C, the amount of ordered BCC and σ phases obviously decrease.
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The wide composition range of each phase has been observed in the annealed alloys, as shown in
Tables 1 and 2. The addition of Mo into the Al0.5CoCrFeNi alloys can change the liquidus temperature
or solvus temperature, the equilibrium phase composition, and even the formation sequence of the
equilibrium phases [26]. The variable mixing enthalpy between different atoms and competition
among the elements could be possible reasons for the variable composition of each phase. On the
other hand, the needle-like (Al,Ni)-rich precipitate has a relatively small size, which might cause
the inaccurately measured composition. Further work is going to clarify the reason for the wide
composition. However, the wide composition range of each phase has no effect on the phase structure.

 x = 0.3 x = 0.4 x = 0.5 

As-cast 

   

600 °C 

800 °C 

   

1000 °C 

   

1100 °C 

   

Figure 3. Cont.
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1200 °C 

   

Figure 3. Back-scattering SEM images of the as-cast Mo0.3, Mo0.4, and Mo0.5 high entropy alloys and
the alloys annealed at different temperatures for 10 h. DR is for dendrite FCC, WP1 is for white
(Cr,Mo)-rich precipitate with relative low Mo content, WP2 is the whit (Cr,Mo)-rich precipitate with
relative high Mo content, and BP is for black (Al,Ni)-rich precipitate. (a) as-cast Mo0.3 alloy; (b) as-cast
Mo0.4 alloy; (c) as-cast Mo0.5 alloy; (d) Mo0.3 alloy annealed at 600 ◦C; (e) Mo0.4 alloy annealed at
600 ◦C; (f) Mo0.5 alloy annealed at 600 ◦C; (g) Mo0.3 alloy annealed at 800 ◦C; (h) Mo0.4 alloy annealed at
800 ◦C; (i) Mo0.5 alloy annealed at 800 ◦C; (j) Mo0.3 alloy annealed at 1000 ◦C; (k) Mo0.4 alloy annealed
at 1000 ◦C; (l) Mo0.5 alloy annealed at 1000 ◦C; (m) Mo0.3 alloy annealed at 1100 ◦C; (n) Mo0.4 alloy
annealed at 1100 ◦C; (o) Mo0.5 alloy annealed at 1100 ◦C; (p) Mo0.3 alloy annealed at 1200 ◦C; (q) Mo0.4

alloy annealed at 1200 ◦C; (r) Mo0.5 alloy annealed at 1200 ◦C.

Table 2. Distribution of elements (at.%) in different regions of the alloys annealed at 1000 ◦C.

Alloys Regions Fe Co Ni Al Cr Mo

Mo0.3-1000 DR: FCC 22.8 18.8 21.3 10.1 20.7 6.3
BP: (Al,Ni)-rich BCC 10.7 15.7 33.1 30.2 7.6 2.8
WP: (Cr,Mo)-rich σ 18.1 18.6 7.7 3.6 30.3 21.6

Mo0.4-1000 DR: FCC 25.7 20.7 18.8 7.6 21.2 6.0
BP: (Al,Ni)-rich BCC 9.3 17.5 30.6 25.0 11.5 6.1
WP: (Cr,Mo)-rich σ 19.0 18.7 9.8 3.0 25.1 24.4

Mo0.5-1000 DR: FCC 23.3 21.3 21.1 7.0 17.7 9.5
BP: (Al,Ni)-rich BCC 12.4 10.5 35.5 29.4 6.3 6.0
WP1: (Cr,Mo)-rich σ 16.4 17.2 9.9 2.8 25.0 28.7
WP2: (Cr,Mo)-rich 14.0 15.9 8.4 2.0 17.3 42.3

3.3. Calculated Pseudo Binary Phase Diagram and Its Comparison with Experiments

It is clear that the phase constituents in the Al0.5CoCrFeMoxNi alloys depend on the content
of Mo and the annealing temperature. Figure 4 is the calculated pseudo-binary phase diagram
of Al0.5CoCrFeMoxNi using the Thermo-Calc program, where the calculated equilibrium phase
constituents in each region have been labeled. The alloys investigated in this work have also been
marked in the diagram as the dash lines. The phase constituents in most of the alloys, which have
been derived based on the XRD and microstructures above, are in good agreement with the calculated
results. Only 6 samples among the 30 samples have a little difference with the calculated phase
constituents from Thermo-Calc program. Careful examination found that the difference happened
either near the boundary between different regions or at the low temperatures. For example, the Mo0

alloy at 800 ◦C, the Mo0.1 alloy at 1000 ◦C, the Mo0.2 alloy at 1100 ◦C and the Mo0.4 alloy at 1200 ◦C
locate near the boundary between two regions. The difference might be attributed to the unspecified
database for the alloy system, which makes the boundary line shift a little. Another reason could be
the sluggish diffusion of elements in the high-entropy alloys, whereby the equilibrium state might
not be reached in the annealing time used. The examples are the Mo0 and Mo0.1 alloys at 600 ◦C,
where the calculated equilibrium phases in these two alloys are FCC, NiAl and σ phases, but only
FCC and (Al,Ni)-rich ordered BCC phases have been identified from our experiments. Gwalani et al.
reported that a different processing pathway resulted in different phases and the equilibrium phases
in Al0.3CoCrFeNi alloy were FCC + B2 + σ phases [27]. Rao et al. also reported that the stable phases

144



Entropy 2018, 20, 812

in Al0.5CoCrFeNi alloy are BCC + L12 + σ phases [29]. Anyway, the calculated phase diagram could
give us potential help in designing alloys and their corresponding annealing processes.

Figure 4. Pseudo binary phase diagram of Al0.5CoCrFeMoxNi HEAs derived from Thermo-Calc.
The dashed line represents the compositions of the alloys experimentally investigated in this work.
The symbol ⊗ represents that the phase constituents of the alloys are different from the calculated
results, and the text in red is the phase constituents of the alloys identified from experiments. The alloys

marked with symbol have the same phase constituents as calculated results.

3.4. Mechanical Properties of Annealed Al0.5CoCrFeMoxNi Alloys

Figure 5 depicts the room temperature hardness of the Al0.5CoCrFeMoxNi high entropy alloys
annealed at various annealing temperatures. The data at 25 ◦C represent the values of as-cast alloys.
The hardness of the alloys increases with the increasing Mo, and this can be attributed to the lattice
distortion and formation of BCC and σ phases. On the other hand, with annealing temperature rising,
the hardness of the alloys first increases, reaches its maximum at 800 ◦C, and then decreases afterwards.
The alloys annealed at 800 ◦C have relatively fine precipitation and microstructure, which could be
responsible for their higher hardness. Afterwards, the fine precipitations become larger and the effect
of the interface strengthening become smaller.

Figure 5. Hardness of Al0.5CoCrFeMoxNi high-entropy alloys annealed at different temperatures for
10 h followed by water quenching.
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Figure 6 presents the fracture strain and yield strength of the as-cast Al0.5CoCrFeMoxNi
high-entropy alloys and the alloys annealed at 800 ◦C for 10 h. It is clear that the fracture strain
decreases, and the yield strength increases with Mo content increasing from 0 to 0.5. The alloys
annealed at 800 ◦C have higher yield compressive strength and smaller compressive fracture strain
than those of the as-cast alloys, which is attributed to the formation of fine (Al,Ni)-rich ordered BCC
and (Cr,Mo)-rich σ phases. Both the Mo content and annealing processes have a great influence on the
microstructure and mechanical properties of Al0.5CoCrFeMoxNi high-entropy alloys. For the as-cast
alloys, the Mo0.3 and Mo0.4 alloys can have balanced properties of compressive strength and ductility,
while an appropriate annealing process can provide more chances to modify the mechanical properties
of the alloys. For example, the Mo0.5 alloy annealed at 800 ◦C can have a high compressive yield
strength up to 2.1 GPa (ultimate fracture strength of 2.6 GPa) with an accepted fracture strain of 13%.
The Mo0.1 alloy annealed at 800 ◦C has a compressive yield strength of 1.2 GPa, an ultimate fracture
strength of 2.2 GPa, and an ultimate fracture strain of 17%. Both the Mo content and annealing process
can be used to tune the mechanical properties of the alloys.

 
Figure 6. Yield strength (a) and fracture strain (b) of the as-cast alloys and the alloys annealed at 800 ◦C
for 10 h.

4. Conclusions

The evolution of microstructure, phase and mechanical properties of the Al0.5CoCrFeMoxNi
high-entropy alloys have been investigated. Both the Mo content and annealing process can be used to
tune the mechanical properties of the alloys. The following conclusions can be established from the
current work.

(1) The annealing process at 600 ◦C for 10 h has no obvious effect on the microstructures of
the Al0.5CoCrFeMoxNi, while it can increase its hardness to some extent. The annealing
at 800–1200 ◦C for 10 h causes the precipitation of (Al,Ni)-rich ordered BCC phase or/and
(Cr,Mo)-rich σ phase, and greatly affects the microstructure and mechanical properties of
the alloys.

(2) The evolution of structure with temperature can be classified into four types:

(a) Mo0 alloy: mixed structure (FCC + BCC/B2).
(b) Mo0.1 alloy: mixed structure (FCC + BCC/B2) below 600 ◦C → FCC + BCC/B2+ σ

(800–1000 ◦C) → FCC + BCC/B2 (1100–1200 ◦C).
(c) Mo0.2–Mo0.3 alloys: mixed structure (FCC + BCC/B2 + σ) below 1100 ◦C → FCC + BCC/B2

(1200 ◦C).
(d) Mo0.4–Mo0.5 alloys: mixed structure (FCC + BCC/B2 + σ).
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(3) The alloys annealed at 800 ◦C for 10 h have relatively finer microstructure and higher hardness and
higher yield stress than the as-cast alloys, which can be attributed to the solid-state decomposition
of FCC and B2 phases. The precipitations become larger at 1000–1100 ◦C.

(4) The morphology and amount of each phase in the alloys vary with the Mo content and annealing
temperatures. The Mo0.5 alloy annealed at 800 ◦C have a high compressive yield strength up to
2.1 GPa with an accepted fracture strain of 13%.
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Abstract: Annealing of severely plastic deformed materials is expected to produce a good combination
of strength and ductility, which has been widely demonstrated in conventional materials. In the
present study, high-pressure torsion processed CoCrNi medium entropy alloy consisting of a single
face-centered cubic (FCC) phase with a grain size of ~50 nm was subjected to different annealing
conditions, and its effect on microstructure and mechanical behavior was investigated. The annealing
of high-pressure torsion processed CoCrNi alloy exhibits partial recrystallization and near full
recrystallization based on the annealing temperature and time. The samples annealed at 700 ◦C
for 2 min exhibit very fine grain size, a high fraction of low angle grain boundaries, and high
kernel average misorientation value, indicating partially recrystallized microstructure. The samples
annealed for a longer duration (>2 min) exhibit relatively larger grain size, a low fraction of low angle
grain boundaries, and low kernel average misorientation value, indicating nearly full recrystallized
microstructure. The annealed samples with different microstructures significantly influence the
uniform elongation, tensile strength, and work hardening rate. The sample annealed at 700 ◦C for
15 min exhibits a remarkable combination of tensile strength (~1090 MPa) and strain to failure (~41%).

Keywords: medium entropy alloy; high-pressure torsion; partial recrystallization; tensile strength

1. Introduction

High entropy alloys (HEAs), also known as compositionally complex alloys, baseless alloys,
and concentrated solid solution alloys, exhibit unique and remarkable properties as compared with
the conventional alloys [1–3]. The unique properties of HEAs are mainly attributed to the distinct
alloy design concept based on multi-principal elements [4,5]. The alloys with multi-principal elements
are widely classified into medium entropy alloys (MEAs) and HEAs based on the configurational
entropy [5,6]. Among the HEAs, alloys based on the Co–Cr–Fe–Mn–Ni system, Al–Co–Cr–Cu–Fe–Ni
system, and refractory elements are widely reported in the literature [1,2,5].

Recently, CoCrNi MEA has received widespread attention from researchers because of its unique
properties such as exceptional fracture toughness at cryogenic temperature, high friction stress,
superior dynamic shear properties, and annealing-induced hardening at intermediate temperatures
(500–600 ◦C) [7–10]. It is widely reported that HEAs with a single face-centered cubic (FCC) phase
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exhibit low yield strength [11–13]. Several strategies have been reported to increase the strength of a
single FCC phase HEAs by solid solution strengthening, precipitation strengthening, grain boundary
strengthening, and partial recrystallization through thermo-mechanical treatments [11,14–16].
Among the several strategies to enhance the mechanical properties, thermo-mechanical treatment is an
effective technique to achieve a good combination of strength and ductility by achieving microstructure
with different grain size and/or different volume fraction of secondary phases [11,17,18]. The CoCrNi
MEA with a single FCC phase, like any other HEA with a single FCC phase, also exhibits lower
yield strength [14,19]. Recently, it has been reported that the addition of 3 at% W resulted in a 20%
increase in intrinsic strength [14]. In another study, cold rolling followed by annealing of CoCrNi
alloy is reported to have an ultra-fine-grained size (~750 nm) with a good combination of tensile
strength (964 MPa) and strain to failure (66%) [20]. In this connection, high-pressure torsion (HPT)
followed by annealing has been effectively used in conventional alloys and HEAs to improve their
mechanical properties [21–23]. Generally, HPT is an effective process in fabricating materials with
nano-grains or ultra-fine grained structure by simultaneous application of torsion and high hydrostatic
pressure [22]. The HPT processed CoCrNi MEA is reported to have a grain size of ~50 nm with an
exceptional ultimate tensile strength of ~2.2 GPa and a considerable strain to failure of 9% [24]. It is also
reported that annealing of the HPT processed CoCrNi MEA in the temperature range of 500–600 ◦C
has resulted in an increase in hardness due to a decrease in dislocation density and grain boundary
relaxation [7]. However, the systematic investigation of post HPT annealing of CoCrNi MEA with
respect to microstructure evolution and strength enhancement is limited.

Thus, the present study is aimed at achieving a better combination of strength and ductility in the
HPT processed CoCrNi MEA by post-HPT annealing. Consequently, in the present study, the post-HPT
annealing effect on the microstructural and mechanical behaviors of CoCrNi MEA is investigated.

2. Experimental Methods

The CoCrNi alloy for the present study was fabricated using a vacuum induction melting of
pure metals followed by homogenization, cold rolling, recrystallization, HPT, and annealing of HPT
samples. The detailed procedure about the fabrication and secondary processing route can be found in
our earlier publications [7,24]. The microstructure of starting material for HPT consists of a single FCC
phase with an average grain size of ~19 μm and profuse annealing twins [24]. After the HPT process,
the microstructure consists of a very fine grain size of ~50 nm with a high density of nano-twins
and stacking faults [24]. In this study, the HPT processed sample with a single FCC phase was
subjected to different heat treatment conditions in the Ar atmosphere to investigate the effect of
post-HPT annealing. The post-HPT annealed samples were characterized using X-ray diffraction (XRD,
Rigaku D/MAX-2500), field emission scanning electron microscopy (FE-SEM, FEI XL30S) coupled with
electron backscatter diffraction (EBSD), Vickers hardness, and tensile testing equipment (Instron 1361).
The deformed microstructures of post tensile samples were characterized using a focused ion beam
(FIB) coupled with transmission Kikuchi diffraction analysis (TKD, FEI-FIB/TKD).

Tensile samples (dimension: 1.5 mm gauge length and 1 mm gauge width) were cut from the
annealed HPT disc using electric discharge machining. Tensile tests were carried out at a quasi-static
strain rate of 10−3 s−1 and the strain on the sample was measured using digital image correlation
(DIC, ARAMIS v6.1, GOM Optical Measuring Techniques). The Vickers hardness measurement was
performed using a load of 300 gf and a dwell time of 15 s. For EBSD experiment, the samples were
mechanically polished using SiC carbide papers followed by diamond and colloidal polishing. For TKD
experiment, a transparent sample near to the fracture surface of deformed tensile samples was lifted
out by FIB.
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3. Results and Discussion

Figure 1 shows the XRD patterns of CoCrNi alloy under different processing conditions: HPT and
post-HPT annealing. It can be seen that in all the processing conditions, the alloy exhibits a single
FCC phase.

Figure 1. X-ray diffraction (XRD) patterns of CoCrNi alloy in different processing conditions illustrating
the presence of a single face-centered cubic (FCC) phase.

The formation of sigma phase/secondary phases is widely reported for HEAs processed by
HPT and annealing. In Al0.5CoCrFeMnNi HEA, the formation of sigma phase is reported when
the HPT processed sample is annealed at 800 ◦C for 1 h [25]. Similarly, for the HPT processed
CrFe2NiMnV0.25C0.125 HEA, sigma phase has been observed during annealing at 550 ◦C [26].
In CoCrFeMnNi HEA, the formation of sigma and secondary nano-phases have been reported after
annealing of the HPT processed sample [27]. However, in the present alloy, there is no evidence of
formation of sigma phase or secondary phase in the temperature range of 600–800 ◦C. The formation
of sigma phase in this alloy was also not observed when annealed in the temperature range of
500–600 ◦C [7].

Figure 2 shows the inverse pole figure (IPF) map of the post-HPT annealed samples, and the
corresponding kernel average misorientation (KAM) map and misorientation angle chart are shown in
Figures 3 and 4, respectively.

Figure 2. Electron backscatter diffraction (EBSD) inverse pole figure map of post-high-pressure torsion
(HPT) annealing samples. The color scale on the right side corresponds to [001] inverse pole figure.
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The IPF map indicates an increase in grain size with increasing annealing temperature and time.
The samples annealed at 600 ◦C for 60 min and 700 ◦C for 2 min consist of a microstructure with almost
similar average grain size (~600–670 nm), while the samples annealed at 700 ◦C over 2 min and 800 ◦C
for 60 min show that the average grain size is in the range of approximately 960 nm to 5 μm.

The KAM map is generally used to represent the strain distribution based on the dislocation
density. The KAM maps in Figure 3 were estimated up to the third nearest neighbor kernel with a
maximum misorientation of 5◦. The KAM map (Figure 3) shows that the strain distribution in samples
annealed at 600 ◦C for 60 min and 700 ◦C for 2 min is relatively high as compared with samples at
other annealing conditions. This clearly indicates that the strain induced into the material by HPT
processing is not completely recovered in samples annealed at 600 ◦C for 60 min and 700 ◦C for 2 min.
In general, deformed samples exhibit a larger KAM value (>1◦), while recrystallized samples exhibit
a lower KAM value (<1◦) [28]. An almost similar average KAM value of approximately 0.83–0.84 is
observed for samples annealed at 600 ◦C for 60 min and 700 ◦C for 2 min, while the average KAM
value is in the range of 0.37◦–0.45◦ for samples annealed at 700 ◦C over 2 min and 800 ◦C for 60 min.

The misorientation chart (Figure 4) indicates that the fraction of low angle grain boundaries is
higher in samples annealed at 600 ◦C for 60 min and 700 ◦C for 2 min, but decreases significantly with
increasing annealing time and temperature. However, a high fraction of 60◦ misorientation angle can
be seen in all the conditions, with the fraction increasing with temperature and time. The presence of
a high fraction of low angle grain boundaries indicates that the samples are not fully recrystallized,
and the high fraction of 60◦ misorientation angle indicates the presence of abundant annealing twins.

Figure 3. Kernel average misorientation (KAM) map of post-HPT annealing samples, and the
corresponding color scale (right side).

Based on the IPF map, KAM map, and misorientation angle chart, the annealed samples can be
divided into two categories: (a) microstructure with fine grain size, high KAM value, and high fraction
of low angle grain boundaries (partially recrystallized); and (b) microstructure with relatively coarser
grain size, low KAM value, and low fraction of low angle grain boundaries (nearly fully recrystallized).
Accordingly, the sample annealed at 600 ◦C for 60 min, and 700 ◦C for 2 min will be referred to as
samples with partially recrystallized microstructures. Similarly, the samples annealed at 700 ◦C for
15 min, 700 ◦C for 30 min, 700 ◦C for 60 min, and 800 ◦C for 60 min will be referred to as samples with
recrystallized microstructures.
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Figure 4. Misorientation angle chart of HPT processed CoCrNi alloy after annealing at different
temperatures and times.

The mechanical properties of CoCrNi alloy at different processing conditions were assessed by
Vickers hardness measurement and uniaxial tensile test. The hardness values under different processing
conditions are shown in Figure 5a. The hardness of the HPT processed sample decreases with
increasing annealing temperature and time. The annealed HPT samples with partially recrystallized
microstructure show the smallest decrease in hardness as compared with the samples with near fully
recrystallized microstructure. This can be attributed to the fine grain size and high KAM value in the
samples with partially recrystallized microstructure.

Figure 5. Mechanical properties of CoCrNi alloy in different processing conditions. (a) Hardness and
(b) engineering stress–strain curve.

The engineering stress–strain curves of CoCrNi alloy at different processing conditions are shown
in Figure 5b. The tensile curves clearly indicate that the annealing of the HPT processed sample
leads to a reasonably good combination of strength and ductility. The tensile strength of the annealed
samples follows a similar trend to that of hardness value. The annealed samples with partially
recrystallized microstructure show the lowest yield strength reduction compared with the samples
with recrystallized microstructure. In steels, it has been reported that the strength increases with an
increase in pre-strain [29]. As KAM indicates the strain distribution based on the dislocation density,
the annealed samples with high KAM can be regarded as a material with pre-strain. Thus, high
strength in the samples with partially recrystallized microstructure can be attributed to the fine grain
size and high KAM value.

The post-HPT annealing has significantly improved the uniform elongation and strain to fracture
at the cost of a reduction in strength for samples with recrystallized microstructure. It is interesting to
note that only the strain to fracture has been improved significantly and not the uniform elongation
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for the samples with partially recrystallized microstructure. The uniform elongations in the samples
annealed at 600 ◦C for 60 min and 700 ◦C for 2 min are almost similar to each other and are also similar
to the HPT processed sample. However, the strain to fracture is significantly higher in the samples
annealed at 600 ◦C for 60 min and 700 ◦C for 2 min than the HPT processed sample, with the sample
annealed at 600 ◦C for 60 min showing higher elongation to fracture.

In high-grade pipeline steels, it has been reported that the samples with a high percentage of
low angle grain boundaries resulted in the smaller difference between yield strength and tensile
strength [30]. In the present study, the samples with a high fraction of low angle grain boundaries
exhibit a smaller difference between the yield strength and tensile strength. In addition, it has been
shown that defects such as dislocation and vacancies can pass through the low angle grain boundaries,
unlike the pile-up of defects at high angle grain boundaries [31]. This could be a possible reason for
reduced work hardenability, thereby resulting in reduced uniform elongation in materials with a high
fraction of low-angle grain boundaries. In addition, low angle grain boundaries are considered to
be resistant to intergranular fracture in metallic materials [32]. This could be a possible reason for
reasonable post-necking deformation in samples with partially recrystallized microstructure. Thus,
the presence of low angle grain boundaries resulted in an increase in strain to fracture without
enhancement in uniform elongation.

In conventional alloys, enhancement of uniform elongation in post-deformed annealed samples
is observed when the fraction of recrystallized grains exceeds a certain volume fraction. In Cu–Al
alloys, a reasonable improvement in uniform elongation is observed when the recrystallized grains are
over 80% of the volume fraction [33]. In nanostructured Cu processed by rolling at liquid nitrogen,
an increase in uniform elongation is reported when the fraction of secondary recrystallized grains is
about 25% [34]. In the present study, an increase in uniform elongation is observed when the fraction
of low-angle grain boundaries and the average KAM value is lower than 5% and 0.5◦, respectively.

The shape of the flow curves (Figure 5) is distinct between the samples with partially recrystallized
and recrystallized microstructures, clearly indicating the influence of microstructure on the flow
curve. In samples with the partially recrystallized microstructure, the flow curve shows softening
behavior. The rate of softening in the sample annealed at 600 ◦C for 60 min is different from that
of the sample annealed at 700 ◦C for 2 min, with the one at 700 ◦C for 2 min showing pronounced
softening. As the average KAM value and the average grain size are almost similar for 700 ◦C for
2 min and 600 ◦C for 60 min samples, the pronounced softening in the one at 700 ◦C for 2 min clearly
indicates that the fraction of low angle grain boundaries significantly influences the softening behavior.
Thus, the sample annealed at 700 ◦C for 2 min with a higher fraction of low-angle grain boundaries
shows more pronounced softening than the 600 ◦C for 2 min sample. In the samples with recrystallized
microstructure, the flow curves show strain hardening behavior, and the strain hardening ability is
observed to increase with increasing annealing temperature and time.

In order to further understand the flow curve behavior, the work hardening rate (WHR) curves
are plotted as a function of true strain for different processing conditions and are shown in Figure 6.
In general, the WHR is not discussed with respect to plastic deformation after the plastic instability.
However, the WHR after plastic instability is also shown in Figure 6a to understand the enhancement
in strain to fracture without a significant enhancement of uniform elongation in samples with partial
recrystallization. For the HPT sample, the WHR decreases rapidly and enters into the softening after
yielding, and decreases continuously till fracture. This is commonly observed in severely deformed or
nano-grained materials because of the limited dislocation activity and ineffectiveness in dislocation
generation and accumulation during deformation. For the samples with a partially recrystallized
microstructure, the WHR decreases initially and enters the softening region, and with further strain,
the WHR curve increases and slowly approaches a peak, and then decreases gradually. The amount
of increase in WHR from softening is higher for the sample annealed at 700 ◦C for 2 min than that
at 600 ◦C for 60 min. Interestingly, the WHR curve of the 600 ◦C for 60 min sample increases after
softening and reaches hardening region (i.e., from a negative value to positive value of WHR) and then
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decreases again as the strain approaches the fracture strain. As previously mentioned, the difference
softening behavior in the partially recrystallized microstructure samples can be attributed to the
difference in the fraction of low angle grain boundaries. The increase in WHR curve in the softening
zone can be a possible reason for the increase in strain to failure without an increase in uniform
elongation in the annealed samples with partially recrystallized microstructure.

The WHR curves of samples with recrystallized microstructure are shown in Figure 6b. The WHR
curves show three distinct stages of WHR. In the first stage (Stage A), the WHR decreases rapidly at
the initial stage of plastic deformation (elastic to plastic), and is observed in all the annealed samples.
In 700 ◦C for 60 min and 800 ◦C for 60 min samples, the second stage (Stage B) shows a gradual
decrease in WHR followed by a slow decrease (Stage C) with the increase in true strain. In the 700 ◦C
for 30 min sample, the second stage of WHR is very narrow, and is not significant as in 700 ◦C for
60 min and 800 ◦C for 60 min samples. In the 700 ◦C for 15 min annealed sample, Stage B shows an
increase in WHR followed by the slow decrease in WHR (Stage C).

Figure 6. Work hardening rate as a function of true strain for samples under different
processing conditions.

The difference in WHR stage, especially Stage B, of the annealed samples can be attributed to the
difference in grain size and the amount of strain present in the sample before tensile testing [15,35].
The increase in WHR in Stage B has been reported for ultra-fine grained CoCrMnFeNi HEAs, and it is
attributed to the yield drop phenomenon observed in ultra-fine grained materials [15]. In commercial
pure Ti, it is demonstrated that the increase in WHR in Stage B is observed when the pre-strain
reaches 3.5% and is attributed to the presence of high density of dislocations and deformation
twinning in pre-strained samples. In the present study, the increase in WHR in Stage B of the 700 ◦C
for 15 min sample could be attributed to the fine grain size (~960 nm) and the presence of strain
(KAM value ~0.45◦) (Figure 3). As the grain size and KAM value of the 700 ◦C for 30 min samples fall
in between the those of the 700 ◦C for 15 min sample and 700 ◦C for 60 min sample, Stage B is observed
only for a narrow strain as there could be a balance between increase and gradual decrease in WHR.

Figure 7 shows the deformed microstructure (transmission Kikuchi diffraction inverse pole figure
map) near the fracture surfaces of the samples with partially recrystallized microstructure (600 ◦C for
60 min) and recrystallized microstructure (700 ◦C for 30 min). As a result of the large strain developed
in the material, the confidence index is low, and there are some unindexed regions in Figure 7. Both the
microstructures show the presence of fine annealing twins. It is to be noted that the formation of
deformation twins is difficult to form in ultra-fine grained materials as the critical twining stress
increases with decreasing grain size [36,37]. Indeed, the formation of deformation twinning is not
observed in ultra-fine grained CoCrMnFeNi HEA [15]. The presence of very fine twins in Figure 7
could be annealing twins, and the deformation twins may not have formed as a result of the fine grain
size of the annealed samples in the present study. Besides, the WHR curve also did not show a plateau
region indicating the formation of twins during deformation.
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Figure 7. Transmission Kikuchi diffraction inverse pole figure map of post-deformed samples of 600 ◦C
for 60 min and 700 ◦C for 30 min annealed samples.

Figure 8 shows the comparison of tensile properties of the present study with the conventional
alloys and other high strength HEAs. (Figure 8 is adopted and modified from the literature [38].
The values for HEA wire with nano-twins are taken from the literature [39]). It is clear that the
strengths of the CoCrNi in HPT processed state and after annealing conditions are quite high as
compared with the other HEAs and other high strength conventional alloys.

Figure 8. Comparison of tensile properties of HPT processed and post-HPT annealed CoCrNi alloy
with other high strength high entropy alloys (HEAs) and conventional alloys (This figure is adopted
and modified from the literature [38]. The values for HEA wire with nano-twins are taken from the
literature [39]).

The superior mechanical properties achieved in the present alloy can be primarily attributed to the
presence of fine grains, the formation of fine annealing twins, high shear stress, and high friction stress.
It is well known that the strength increases with the decrease in grain size based on the Hall–Petch
relation [9,40]. The presence of very fine twins can enhance the mechanical properties by reducing
the dislocation mean free path and resisting the dislocation slip, a mechanism very similar to the
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Hall–Petch relation [33]. The CoCrNi alloy is reported to have very low stacking fault energy and high
shear stress [19,41]. In materials with high shear stress and low stacking fault energy, the cross-slip
during deformation becomes difficult and thereby enhances the mechanical properties [36,42]. It is
reported that the friction stress of CoCrNi alloy is higher than that of many conventional FCC metals
because of the fluctuation of Peierls potential for dislocation motion, and it can enhance the strength of
the material [9]. Thus, the presence of fine grains, fine annealing twins, high shear stress, high friction
stress, and low-angle grain boundaries resulted in superior mechanical properties in the post-HPT
annealed CoCrNi samples.

4. Summary

In the present study, the effect of annealing on the microstructural and mechanical properties
of HPT processed CoCrNi HEA was investigated. The results clearly indicate that the initial
microstructure plays an important role in the mechanical properties of CoCrNi alloy. The initial
microstructure with fine grain size of ~660 nm, high fraction of low angle grain boundaries, and high
KAM value shows strain softening followed by strain hardening, whereas only strain hardening is
observed for the microstructure with grain size >900 nm, a low fraction of low-angle grain boundaries,
and low KAM value. The sample annealed at 700 ◦C for 15 min shows the optimized room temperature
mechanical properties with a remarkable combination of strength (1090 MPa) and strain to failure
(41%). Thus, the present study demonstrates that the severe plastic deformation followed by annealing
is one of the effective ways of enhancing the mechanical properties in CoCrNi MEA.

Author Contributions: Conceptualization, P.S.M.; Data curation, P.S.M.; Formal analysis, P.S.M. and J.G.K.;
Investigation, P.S.M., J.W.B., P.A.-R., and J.M.P.; Methodology, P.S.M., J.W.B., P.A.-R., and J.M.P.; Supervision,
H.S.K.; Writing—original draft, P.S.M.; Writing—review & editing, P.S.M., J.G.K., and H.S.K.

Funding: This research was supported by Future Materials Discovery Project through the National
Research Foundation of Korea (NRF) funded by the Ministry of Science and ICT (NRF-2016M3D1A1023383).
Praveen Sathiyamoorthi is supported by Korea Research Fellowship program through the National Research
Foundation of Korea (NRF) funded by the Ministry of Science and ICT (2017H1D3A1A01013666).

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Praveen, S.; Kim, H.S. High-Entropy Alloys: Potential Candidates for High-Temperature Applications—An
Overview. Adv. Eng. Mater. 2018, 20, 1700645. [CrossRef]

2. Miracle, D.B.; Senkov, O.N. A critical review of high entropy alloys and related concepts. Acta Mater. 2017,
122, 448–511. [CrossRef]

3. Jo, Y.H.; Jung, S.; Choi, W.M.; Sohn, S.S.; Kim, H.S.; Lee, B.J.; Kim, N.J.; Lee, S. Cryogenic
strength improvement by utilizing room-temperature deformation twinning in a partially recrystallized
VCrMnFeCoNi high-entropy alloy. Nat. Commun. 2017, 8, 15719. [CrossRef] [PubMed]

4. Yeh, J.W.; Chen, S.K.; Lin, S.J.; Gan, J.Y.; Chin, T.S.; Shun, T.T.; Tsau, C.H.; Chang, S.Y. Nanostructured
high-entropy alloys with multiple principal elements: novel alloy design concepts and outcomes.
Adv. Eng. Mater. 2004, 6, 299–303. [CrossRef]

5. Murty, B.S.; Yeh, J.-W.; Ranganathan, S. High-Entropy Alloys; Butterworth-Heinemann: Oxford, UK, 2014.
6. Yeh, J.-W. Physical Metallurgy of High-Entropy Alloys. JOM 2015, 67, 2254–2261. [CrossRef]
7. Praveen, S.; Bae, J.W.; Asghari-Rad, P.; Park, J.M.; Kim, H.S. Annealing-induced hardening in high-pressure

torsion processed CoCrNi medium entropy alloy. Mater. Sci. Eng. A 2018, 734, 338–340. [CrossRef]
8. Gludovatz, B.; Hohenwarter, A.; Thurston, K.V.; Bei, H.; Wu, Z.; George, E.P.; Ritchie, R.O. Exceptional

damage-tolerance of a medium-entropy alloy CrCoNi at cryogenic temperatures. Nat. Commun. 2016, 7,
10602. [CrossRef] [PubMed]

9. Yoshida, S.; Bhattacharjee, T.; Bai, Y.; Tsuji, N. Friction stress and Hall-Petch relationship in CoCrNi
equi-atomic medium entropy alloy processed by severe plastic deformation and subsequent annealing.
Scr. Mater. 2017, 134, 33–36. [CrossRef]

157



Entropy 2018, 20, 849

10. Ma, Y.; Yuan, F.; Yang, M.; Jiang, P.; Ma, E.; Wu, X. Dynamic shear deformation of a CrCoNi medium-entropy
alloy with heterogeneous grain structures. Acta Mater. 2018, 148, 407–418. [CrossRef]

11. Bae, J.W.; Moon, J.; Jang, M.J.; Yim, D.; Kim, D.; Lee, S.; Kim, H.S. Trade-off between tensile property and
formability by partial recrystallization of CrMnFeCoNi high-entropy alloy. Mater. Sci. Eng. A 2017, 703,
324–330. [CrossRef]

12. Otto, F.; Dlouhý, A.; Somsen, C.; Bei, H.; Eggeler, G.; George, E.P. The influences of temperature and
microstructure on the tensile properties of a CoCrFeMnNi high-entropy alloy. Acta Mater. 2013, 61, 5743–5755.
[CrossRef]

13. Gali, A.; George, E.P. Tensile properties of high- and medium-entropy alloys. Intermetallics 2013, 39, 74–78.
[CrossRef]

14. Wu, Z.; Guo, W.; Jin, K.; Poplawsky, J.D.; Gao, Y.; Bei, H. Enhanced strength and ductility of a tungsten-doped
CoCrNi medium-entropy alloy. J. Mater. Res. 2018, 1–9. [CrossRef]

15. Sun, S.J.; Tian, Y.Z.; Lin, H.R.; Dong, X.G.; Wang, Y.H.; Zhang, Z.J.; Zhang, Z.F. Enhanced strength and
ductility of bulk CoCrFeMnNi high entropy alloy having fully recrystallized ultrafine-grained structure.
Mater. Des. 2017, 133, 122–127. [CrossRef]

16. Seol, J.B.; Bae, J.W.; Li, Z.; Chan Han, J.; Kim, J.G.; Raabe, D.; Kim, H.S. Boron doped ultrastrong and ductile
high-entropy alloys. Acta Mater. 2018, 151, 366–376. [CrossRef]

17. Ming, K.; Bi, X.; Wang, J. Precipitation strengthening of ductile Cr 15 Fe 20 Co 35 Ni 20 Mo 10 alloys.
Scr. Mater. 2017, 137, 88–93. [CrossRef]

18. Otto, F.; Hanold, N.L.; George, E.P. Microstructural evolution after thermomechanical processing in
an equiatomic, single-phase CoCrFeMnNi high-entropy alloy with special focus on twin boundaries.
Intermetallics 2014, 54, 39–48. [CrossRef]

19. Wu, Z.; Bei, H.; Pharr, G.M.; George, E.P. Temperature dependence of the mechanical properties of equiatomic
solid solution alloys with face-centered cubic crystal structures. Acta Mater. 2014, 81, 428–441. [CrossRef]

20. Dan Sathiaraj, G.; Skrotzki, W.; Pukenas, A.; Schaarschuch, R.; Jose Immanuel, R.; Panigrahi, S.K.;
Arout Chelvane, J.; Satheesh Kumar, S.S. Effect of annealing on the microstructure and texture of cold
rolled CrCoNi medium-entropy alloy. Intermetallics 2018, 101, 87–98. [CrossRef]

21. Shahmir, H.; Langdon, T.G. Using heat treatments, high-pressure torsion and post-deformation annealing to
optimize the properties of Ti-6Al-4V alloys. Acta Mater. 2017, 141, 419–426. [CrossRef]

22. Zhilyaev, A.; Langdon, T. Using high-pressure torsion for metal processing: Fundamentals and applications.
Prog. Mater. Sci. 2008, 53, 893–979. [CrossRef]

23. Torbati-Sarraf, S.A.; Sabbaghianrad, S.; Langdon, T.G. Using Post-Deformation Annealing to Optimize the
Properties of a ZK60 Magnesium Alloy Processed by High-Pressure Torsion. Adv. Eng. Mater. 2018, 20.
[CrossRef]

24. Praveen, S.; Bae, J.W.; Asghari-Rad, P.; Park, J.M.; Kim, H.S. Ultra-high tensile strength nanocrystalline
CoCrNi equi-atomic medium entropy alloy processed by high-pressure torsion. Mater. Sci. Eng. A 2018, 735,
394–397. [CrossRef]

25. Reddy, T.S.; Wani, I.S.; Bhattacharjee, T.; Reddy, S.R.; Saha, R.; Bhattacharjee, P.P. Severe plastic deformation
driven nanostructure and phase evolution in a Al 0.5 CoCrFeMnNi dual phase high entropy alloy.
Intermetallics 2017, 91, 150–157. [CrossRef]

26. Shahmir, H.; Tabachnikova, E.; Podolskiy, A.; Tikhonovsky, M.; Langdon, T.G. Effect of carbon content and
annealing on structure and hardness of CrFe2NiMnV0.25 high-entropy alloys processed by high-pressure
torsion. J. Mater. Sci. 2018, 53, 11813–11822. [CrossRef]

27. Schuh, B.; Mendez-Martin, F.; Völker, B.; George, E.P.; Clemens, H.; Pippan, R.; Hohenwarter, A. Mechanical
properties, microstructure and thermal stability of a nanocrystalline CoCrFeMnNi high-entropy alloy after
severe plastic deformation. Acta Mater. 2015, 96, 258–268. [CrossRef]

28. Li, H.; Hsu, E.; Szpunar, J.; Utsunomiya, H.; Sakai, T. Deformation mechanism and texture and microstructure
evolution during high-speed rolling of AZ31B Mg sheets. J. Mater. Sci. 2008, 43, 7148–7156. [CrossRef]

29. De, P.S.; Kundu, A.; Chakraborti, P.C. Effect of prestrain on tensile properties and ratcheting behaviour of
Ti-stabilised interstitial free steel. Mater. Des. 2014, 57, 87–97. [CrossRef]

30. Xu, D.Y.; Yu, H. Effects of Low-Angle Grain Boundaries on the Yield-Strength Ratio of High Grade Pipeline
Steels. Adv. Mater. Res. 2010, 168–170, 1581–1585. [CrossRef]

158



Entropy 2018, 20, 849

31. Zhang, Z.F.; Wang, Z.G. Comparison of fatigue cracking possibility along large- and low-angle grain
boundaries. Mater. Sci. Eng. A 2000, 284, 285–291. [CrossRef]

32. Watanabe, T.; Tsurekawa, S. The control of brittleness and development of desirable mechanical properties
in polycrystalline systems by grain boundary engineering. Acta Mater. 1999, 47, 4171–4185. [CrossRef]

33. An, X.H.; Wu, S.D.; Zhang, Z.F.; Figueiredo, R.B.; Gao, N.; Langdon, T.G. Enhanced strength–ductility synergy
in nanostructured Cu and Cu–Al alloys processed by high-pressure torsion and subsequent annealing.
Scr. Mater. 2012, 66, 227–230. [CrossRef]

34. Wang, Y.; Chen, M.; Zhou, F.; Ma, E. High tensile ductility in a nanostructured metal. Nature 2002, 419,
912–915. [CrossRef] [PubMed]

35. Chang, L.; Zhou, C.-Y.; He, X.-H. The Effects of Prestrain and Subsequent Annealing on Tensile Properties of
CP-Ti. Metals 2017, 7. [CrossRef]

36. Tian, Y.Z.; Zhao, L.J.; Chen, S.; Shibata, A.; Zhang, Z.F.; Tsuji, N. Significant contribution of stacking faults
to the strain hardening behavior of Cu-15%Al alloy with different grain sizes. Sci. Rep. 2015, 5, 16707.
[CrossRef] [PubMed]

37. Komarasamy, M.; Kumar, N.; Tang, Z.; Mishra, R.S.; Liaw, P.K. Effect of Microstructure on the Deformation
Mechanism of Friction Stir-Processed Al0.1CoCrFeNi High Entropy Alloy. Mater. Res. Lett. 2014, 3, 30–34.
[CrossRef]

38. Li, Z.; Tasan, C.C.; Springer, H.; Gault, B.; Raabe, D. Interstitial atoms enable joint twinning and
transformation induced plasticity in strong and ductile high-entropy alloys. Sci. Rep. 2017, 7, 40704.
[CrossRef] [PubMed]

39. Huo, W.; Fang, F.; Zhou, H.; Xie, Z.; Shang, J.; Jiang, J. Remarkable strength of CoCrFeNi high-entropy alloy
wires at cryogenic and elevated temperatures. Scr. Mater. 2017, 141, 125–128. [CrossRef]

40. Hansen, N. Hall–Petch relation and boundary strengthening. Scr. Mater. 2004, 51, 801–806. [CrossRef]
41. Liu, S.F.; Wu, Y.; Wang, H.T.; He, J.Y.; Liu, J.B.; Chen, C.X.; Liu, X.J.; Wang, H.; Lu, Z.P. Stacking fault energy

of face-centered-cubic high entropy alloys. Intermetallics 2018, 93, 269–273. [CrossRef]
42. Okamoto, N.L.; Fujimoto, S.; Kambara, Y.; Kawamura, M.; Chen, Z.M.; Matsunoshita, H.; Tanaka, K.; Inui, H.;

George, E.P. Size effect, critical resolved shear stress, stacking fault energy, and solid solution strengthening
in the CrMnFeCoNi high-entropy alloy. Sci. Rep. 2016, 6, 35863. [CrossRef] [PubMed]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

159





entropy

Review

High-Pressure Induced Phase Transitions in
High-Entropy Alloys: A Review

Fei Zhang 1,2, Hongbo Lou 1, Benyuan Cheng 1,3, Zhidan Zeng 1 and Qiaoshi Zeng 1,4,*

1 Center for High Pressure Science and Technology Advanced Research, Pudong, Shanghai 201203, China;
fei.zhang@hpstar.ac.cn (F.Z.); hongbo.lou@hpstar.ac.cn (H.L.); benyuan.cheng@hpstar.ac.cn (B.C.);
zengzd@hpstar.ac.cn (Z.Z.)

2 State Key Laboratory for Advanced Metals and Materials, University of Science and Technology Beijing,
Beijing 100083, China

3 China Academy of Engineering Physics, Mianyang 621900, China
4 Jiangsu Key Laboratory of Advanced Metallic Materials, School of Materials Science and Engineering,

Southeast University, Nanjing 211189, China
* Correspondence: zengqs@hpstar.ac.cn; Tel.: +86-021-8017-7102

Received: 24 January 2019; Accepted: 26 February 2019; Published: 2 March 2019

Abstract: High-entropy alloys (HEAs) as a new class of alloy have been at the cutting edge of
advanced metallic materials research in the last decade. With unique chemical and topological
structures at the atomic level, HEAs own a combination of extraordinary properties and show
potential in widespread applications. However, their phase stability/transition, which is of great
scientific and technical importance for materials, has been mainly explored by varying temperature.
Recently, pressure as another fundamental and powerful parameter has been introduced to the
experimental study of HEAs. Many interesting reversible/irreversible phase transitions that were not
expected or otherwise invisible before have been observed by applying high pressure. These recent
findings bring new insight into the stability of HEAs, deepens our understanding of HEAs, and open
up new avenues towards developing new HEAs. In this paper, we review recent results in various
HEAs obtained using in situ static high-pressure synchrotron radiation x-ray techniques and provide
some perspectives for future research.

Keywords: high pressure; polymorphic transition; high-entropy alloy

1. Introduction

Developing multicomponent metallic alloys with superior properties has played a vital role
in the advancement of human civilizations since the Bronze Age. Conventional metallic alloys
are usually based on one or two principle elements, such as Fe-, Al-, Mg-, and TiAl- based alloys.
Adding alloying elements into the host lattice of the principle elements forming solid solutions has
been the major strategy to optimize the microstructures and properties of alloys. However, in the
traditional metallurgy, the development of alloys was restricted by the limited solubility of the alloying
element in the solvent lattice, which leaves the areas besides the corner of their multicomponent phase
diagrams unexplored. Deviation from the phase diagram corner was believed to readily result in the
formation of useless, brittle intermetallic compounds. In 2004, Yeh et al. and Cantor et al.’s discoveries
of single solid-solution phase alloys formed with multi-principal elements challenged the traditional
metallurgy experience and established an exciting new concept for alloy design. By mixing five or
more elements with equimolar or near-equimolar ratios, the system could be stabilized in a single
phase solid-solution by their maximized configurational entropy [1,2]. Since then, this new class
of so-called high-entropy alloys (HEAs) has attracted considerable attention and research interests
in the advanced metallic materials community [3–5]. Numerous new HEAs have been developed
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with simple crystal structures such as face-centered cubic (fcc) [1,2], body-centered cubic (bcc) [1,6,7],
and hexagonal close-packing (hcp) [8–12]. With unique compositions and atomic structures, HEAs show
many interesting properties for potential applications, such as high ductility and strength over a wide
temperature range and excellent resistance to both corrosion and wear [13–21]. On the other hand,
due to their complex composition with a high chemical disorder, many fundamental questions of the
HEAs remains challenging to address [3,22,23].

One of the critical unsolved questions about HEAs is their phase stability. Many pure elements in
the periodic table show rich polymorphic phase transitions [24]. By mapping out the phase diagram
(transition paths) with varying temperature and pressure, the phase stability of each structure can be
clarified. A famous example is iron. Phase transitions between three different prototype polymorphs
with fcc, hcp, and bcc structures were extensively studied in iron [25–27]. The bcc phase of iron was
confirmed to be stable at ambient conditions, while the fcc phase is stable at high temperatures
and the hcp phase is favorable at high pressures. As a combination of multiple elements, HEAs do
not simply inherit the structure and properties of their constituent elements as expected with a
“linear effect” [28]. Regardless of the various compositions and structures, HEAs are reported to be
surprisingly stable over a large temperature range in previous experiments. It is believed that HEAs
are thermodynamically stabilized by their high configurational entropy which can largely lower down
the Gibbs free energy. Also, the high chemical complexity and packing disorder cause severe local
lattice distortion and extremely sluggish atomic diffusion in HEAs, which could further stabilize HEAs
kinetically. For instance, the equiatomic CoCrFeMnNi alloy (also named as Cantor’s alloy) [2], is a
prototype fcc-structured HEA. Extensive studies demonstrate that the Cantor’s alloy can maintain its
fcc structure from cryogenic temperatures up to its melting temperature without any polymorphic
phase transition [13,29–31].

It has been empirically established that the competition between configuration entropy and
enthalpy, the difference between the atomic radius and electronegativity of constituent elements [32–34],
and also the overall valence electron concentration [35] are a few key thermodynamic parameters for the
formation of HEAs. All these parameters are very susceptible to pressure tuning. Actually, pressure is a
very powerful tool to tune the atomic/electronic structure of various materials and has been employed
to understand materials and to search for novel materials through rich pressure-induced phase
transitions in diverse systems, such as pure elements [24], alloys [36–42], oxides [43–46], and metallic
glass [47–49]. Among them, the Ce3Al system is of particular interest, where a pressure-induced
intermetallic compound and metallic glass to fcc solid solution transitions were discovered due to
the significant reduction of the difference between both the atomic radii and electronegativity of Ce
and Al during compression [42,49]. For HEAs, their synthesis process is closely associated with the
competition between intermetallic compounds, metallic glasses, and simple crystalline solid solutions.
Therefore, in contrast to the seeming “ultra-stability” during heating or cooling, HEAs might exhibit
rich tunable behavior under high pressure.

Very recently, the structural stability of various HEA systems has been explored using in situ
high-pressure synchrotron radiation-based x-ray diffraction techniques. Many interesting polymorphic
transitions have been discovered. These results are summarized in Table 1 and are subsequently
reviewed in detail. The microstructural and compositional metastability of HEAs was nicely reviewed
by Wei et al. [50]. In this paper, we focus on very recent results about phase stability and transitions
under high pressure and provide a brief review of the relevant experimental methods, issues,
and perspectives for future study.
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Table 1. A summary of the pressure-induced polymorphic transitions in high-entropy alloys (HEAs)
investigated by in situ high-pressure XRD (ME: methanol:ethanol = 4:1 (volume ratio) mixture;
MEW: methanol:ethanol:water = 16:3:1 (volume ratio) mixture).

Composition
Initial

Structure
Synthesis
Method

Grain Size
(μm)

Pressure
Medium

Max. P
(GPa)

Transition
P (GPa)

Phase
Transition

Ref.

CoCrFeMnNi fcc Homogenization / Silicone oil 54.1 14.7 fcc-hcp [51]

CoCrFeMnNi fcc Gas-atomization ~ 5 Helium 22.1 41.1 fcc-hcp [52]

CoCrFeMnNi fcc Gas-atomization ~ 5 Silicone oil 6.9 31.4 fcc-hcp [53]

CoCrFeMnNi fcc Gas-atomization ~ 5 Amorphous
boron 2.2–6.6 36.6 fcc-hcp [53]

CoCrFeMnNi fcc High pressure
tortion ~ 0.01 Silicone oil 12.3 31.4 fcc-hcp [53]

CoCrFeMnNi fcc Cold rolled ~ 100 Neon 7.1 20 fcc-hcp [54]

CoCrFeMnNi fcc / / Neon / 48.9 no [55]

CoCrFeMnNi fcc High pressure
sintered ~ 0.1 Silicone oil / 31 no [56]

CoCrFeCuNi fcc High pressure
sintered ~ 0.1 Silicone oil / 31 no [56]

NiCoCrFe fcc Homogenization / ME 13.5 39 fcc-hcp [57]

NiCoCr fcc Homogenization / ME 45 45 fcc-hcp [57]

NiCoCrFePd fcc Homogenization / Neon / 74 no [57]

CoCrCuFeNiPr dual fcc Milled powder / Silicone oil / 106.4 disordered-ordered
fcc [58]

Al0.3CoCrFeNi fcc Annealed ~ 100 Neon / 61 no [59]

AlCoCrCuFeNi fcc+bcc As-cast / MEW / 24 no [60]

AlCoCrFeNi bcc Melt-spun
ribbon / Silicone oil /17.6 42 b2–distorted bcc [61]

Al0.6CoCrFeNi bcc Gas-atomization ~ 10 Silicone
oil/Helium 10.6 40 bcc-orthorhombic-

bct [62]

Al0.6CoCrFeNi fcc Gas-atomization
+ Annealed ~ 5 Silicone

oil/Helium 17.5 40 fcc-hcp [62]

TiZrHfNb bcc / / Neon / 50.8 no [55]

Al2CoCrFeNi bcc Annealed ~ 100 Neon / 61 no [59]

(TaNb)0.67(HfZrTi)0.33 bcc As-cast / / / 96 no [63]

ReRuCoFe hcp / / Neon / 80.4 no [55]

Ir0.19Os0.22Re0.21Rh0.20Ru0.19 hcp / / / / 45 no [64]

HoDyYGdTb hcp As-cast / Silicone oil / 60.1 hcp→Sm-type→
dhcp→dfcc [65]

2. Experimental Methods

Diamond anvil cells (DACs) are the most commonly used device to generate high pressure for the
in situ studies of materials. DACs are versatile devices for generating pressures up to hundreds of GPa
and for combining a full range of in situ measurements [66]. DACs are composed of two opposing
diamond anvils that squeeze materials in between them to generate hydrostatic/non-hydrostatic
pressure. Since diamonds are transparent to almost the entire electromagnetic spectrum, various in
situ electromagnetic radiation detection approaches can be employed to study the structure and
properties of samples inside DACs, such as in situ x-ray and neutron diffraction techniques,
x-ray emission/absorption spectroscopy, Raman spectroscopy, and Brillouin scattering. Among them,
in situ angular dispersive x-ray diffraction (XRD) based on an intense synchrotron radiation x-ray
source is the primary technique in the high-pressure structural study of various materials [67].

The size of the DAC anvil culets is typically small with a diameter of approx. 500 μm to 20 μm
depending on the target maximum pressure. The sample chamber is a small hole (with a diameter of
approx. 1/3 of the culet size and a height of approx. 50 μm to 30 μm) drilled in the gasket indent which
is pre-indented by the two anvils. Therefore, only tiny samples with a typical maximum dimension less
than tens of microns can be accommodated in the sample chamber in a DAC. Particularly, the sample
thickness should be less than the height of the gasket hole during the entire compression process
to avoid bridging the anvils (otherwise, it will be uniaxially compressed with large shear stress).
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Metals with high shear strength such as T301 stainless steel, Re, and W are usually used as the
gasket materials for typical high-pressure experiments. Different pressure transmitting mediums
(including solid, liquid, and gas) can be selected based on the target pressure range and the required
degree of hydrostaticity or operational convenience in the experiment. The pressure in the sample
chamber can be determined either by the pressure–volume (P–V) equation of state (EOS) of standard
materials (e.g., MgO, NaCl, Au, and Pt) using in situ high-pressure XRD [68] or by the ruby fluorescence
peak shift excited by an optical laser or x-ray [69]. The standard material or ruby balls should be
loaded close to the sample in the sample chamber to minimize the pressure difference. Due to the
small sample volume, a high-brightness synchrotron radiation X-ray beam focused down to tens of
microns (<20 μm) is required. To go through the two thick diamond anvils (3–5 mm in total) and to
cover a large enough range in d space with the limited two-theta opening of DACs, a high-energy
x-ray is usually required (>20 keV). Using in situ high-pressure synchrotron radiation XRD diffraction
coupled with a DAC (a typical experimental setup is shown in Figure 1), researchers have been able to
obtain detailed structural information of samples as a function of pressure, including their unit cell
parameters, atomic positions, thermal parameters, and even electron density distributions.

Figure 1. A schematic illustration of the in situ high-pressure synchrotron radiation XRD setup using a
diamond anvil cell (DAC).

3. Structural Stability and Evolution of HEAs under High Pressure

Over the last fourteen years, intense effort has been devoted to developing numerous HEAs,
which provides hundreds of new alloys for fundamental and applied studies. Recently, the structural
stability of some typical HEAs has been investigated using in situ high-pressure synchrotron
radiation XRD. Herein, we briefly review these results in separate groups according to their initial
crystal structures.

3.1. Fcc-Structured HEAs

Among the various HEAs, single-phase fcc-structured alloy systems tend to show a relatively
low yield strength but an excellent ductility and strain hardening capability. The CoCrFeMnNi
(Cantor’s alloy) as a prototype fcc-structured HEA has attracted the most extensive investigation.
Cantor’s alloy shows high structural stability over a broad temperature range at ambient pressures
(from extreme low temperature (~3 K) up to its melting temperature) [13,29–31]. In contrast,
Cantor’s alloy undergoes unexpected polymorphic transformations from fcc to hcp phases under
applied high pressure [51–54]. Under the best hydrostatic pressure conditions provided by the
pressure-medium helium, the fcc to hcp phase transition starts at approx. 22 GPa but does not fully
complete even up to approx. 41 GPa (Figure 2a) [52]. The transition is sluggish and irreversible. The hcp
phase can be retained during the decompression down to ambient pressure, as shown in Figure 2b.
The fabricated hcp CoCrFeMnNi HEA can almost maintain its volume fraction during decompression.
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Therefore, hcp-fcc dual-phase composites with tunable volume fractions can be readily synthesized by
decompression from different maximum pressures between approx. 22 and 41 GPa (Figure 2a) [52].

Figure 2. (a) The in situ high-pressure XRD patterns of the CoCrFeMnNi HEA under high pressure in
a DAC at room temperature [52]: The x-ray wavelength is 0.2952 Å and (b) the change of the hcp phase
volume fraction as a function of pressure during compression (solid symbols) and decompression
(open symbols). The volume fractions of the hcp phase were calculated based on the peak area changes
of the fcc-(200) (blue circles) and hcp-(101) peaks (red squares) in Figure 2a, which yield consistent
results of the volume fractions. During decompression, the volume fraction of the hcp almost remains
constant, which makes the synthesis of the hcp-fcc dual-phase composite possible by following a
different decompression path, as shown by the dashed arrows [52].

According to previous theoretical simulations, the Gibbs free energy of the hcp phase of the
CoCrFeMnNi HEA may be smaller than its well-known fcc phase at room temperature [70,71].
However, there was no clear experimental evidence to confirm the simulation results. For example,
the CoCrFeMnNi HEA samples synthesized by various melt-quenching methods always only show an
fcc structure, and the irreversibility of the fcc to hcp phase transition under high pressure also questions
the relative stability of the fcc and hcp phases [51,53,54]. To clarify the phase stability, the synthesized
hcp phase was further examined using in situ high-temperature XRD measurements at different
pressures [52]. During heating at constant pressures, the hcp phase transforms back to the fcc phase
and the critical transition temperatures increase with increasing pressure. Therefore, these results
demonstrate that the well-known fcc phase of the CoCrFeMnNi HEA is thermodynamically favorable
at high temperatures. In contrast, the hcp phase is indeed more stable at relatively lower temperatures
and higher pressures [52].
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The pressure-induced fcc to hcp polymorphic transition has been observed in Cantor’s alloy by
independent research groups. However, quite different onset pressures were reported ranging from
approx. 7 GPa to even above 49 GPa [51,53–55]. Tracy et al. loaded a CoCrFeMnNi HEA sample
(annealed at 1200 ◦C for 24 h) in a DAC with silicone oil as the pressure medium and compressed it
up to 54.1 GPa. A sluggish martensitic transformation from the fcc to an hcp phase was also observed
starting at approx. 14 GPa [51]; Huang et al. reported that the fcc to hcp phase transition occurred
at approx. 7.1 GPa in a CoCrFeMnNi HEA sample. The initial sample was processed by a series of
heating, cold rolling, and milling and then loaded into a DAC with neon as the pressure medium [54];
Yu et al. prepared a nanograined (approx. 100 nm) CoCrFeMnNi HEA sample by mechanical alloying
and a high-pressure sintering process. They compressed the sample with silicone oil as the pressure
medium in a DAC up to 31GPa, but no phase transition was observed [56]. Ahmad et al. investigated
the structure of Cantor’s alloy up to approx. 49 GPa with neon as the pressure-transmitting medium
in a DAC. Surprisingly, no obvious phase transition was observed as well [55]. This experimental
inconsistency suggests that the polymorphic phase transition in Cantor’s alloy may be susceptible to
the sample and experimental conditions, such as the different sample grain sizes and different pressure
mediums used in the experiments above.

To clarify this speculation, Zhang et al. [52] systematically investigated the effect of the
non-hydrostaticity of the pressure environment and the grain size of the samples on their
pressure-induced phase transitions. The experiments were carefully designed to study only one
factor at each time. To address the effect of the pressure environment, they loaded the same
sample with three distinct pressure mediums with different degrees of hydrostaticity, such as helium
(the most hydrostatic), amorphous boron (the most non-hydrostatic), and silicone oil (quasi-hydrostatic
in-between). According to the in situ high-pressure XRD results (as shown in Figure 3), the onset
pressures for the fcc to hcp transition were estimated to be approx. 22 GPa in helium, approx. 2 to 6 GPa
in amorphous boron, and approx. 7 GPa in silicone oil. These results demonstrate that the degree of
the pressure medium’s hydrostaticity has a positive effect on the onset pressure of the fcc-to-hcp phase
transition in Cantor’s alloy [53].

Figure 3. The in situ high-pressure XRD patterns of the CoCrFeMnNi HEA sample with helium (a),
silicone oil (b), and amorphous boron (c) as the pressure mediums [53].

To study the effect of grain size (an important internal factor) on the pressure-induced phase
transition in the CoCrFeMnNi HEA, Zhang et al. [53] loaded two distinct samples into one sample
chamber in a symmetric DAC. The two samples were carefully located with equivalent positions
to the chamber center to ensure they had identical pressure environments. To highlight the grain
size effect, the two selected samples had a huge difference in grain size; one was synthesized by
gas-atomization (GA) (approx. 5 μm), and the other was obtained by high-pressure torsion (HPT)
(approx. 10 nm). When the two samples were compressed from 0.3 GPa up to 31.4 GPa, both of them
showed an fcc-to-hcp phase transition but with quite different onset pressures (as shown in Figure 4).
For the HPT sample with nano-sized grains, the phase transition was observed from approx. 12.3 GPa,
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while the GA sample with a bigger grain size had a much lower onset pressure of approx. 6.9 GPa.
The underlying mechanism is still not clear and calls for further investigation [53].

Figure 4. The in situ high-pressure XRD patterns of the gas-atomization (GA) and high-pressure
torsion (HPT) CoCrFeMnNi HEA samples loaded in the same DAC with silicone oil as their pressure
medium [53].

The effect of different alloying elements on the pressure-induced polymorphic phase transition
was investigated by Zhang et al. [57] in three fcc-structured medium-entropy alloys and HEAs (NiCoCr,
NiCoCrFe, and NiCoCrFePd). They observed a similar martensitic phase transition from fcc to hcp in
the CoCrFeNi alloy starting at approx. 13.5 GPa, as shown in Figure 5a. This phase transformation
was also sluggish and irreversible, as reported in Cantor’s alloy. The volume fraction of the hcp phase
was only about 36% when the pressure reached 39 GPa. However, with different alloying elements,
the NiCoCr and NiCoCrFePd alloys exhibited distinct compression behaviors under high pressure,
as shown in Figure 5b,c, respectively. Only a small amount (<5 wt.%) of the hcp phase emerged
at 34.4 GPa in the NiCoCr alloy, and its amount barely changes with increasing pressure. In the
NiCoCrFePd system, as the element Mn in the Cantor’s alloy is replaced by the Pd, no obvious hcp
phase emerges up to 74 GPa [57].
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Figure 5. The XRD profiles of CoCrFeNi (a), CoCrNi (b), and CoCrFeNiPd (c) at high pressures:
The diffraction peaks marked by symbol * are from the Au pressure standard [57].

Many of the HEAs have a minor second phase. Ma et al. [58] investigated an equiatomic
CoCrCuFeNiPr HEA sample with dual phases (major disordered-fcc and minor ordered-fcc phases)
using in situ synchrotron radiation high-pressure energy-dispersive XRD (EDXRD). They observed a
pressure-induced fast ordering transition from approx. 8 GPa to 16.0 GPa followed by a slow transition
up to 106.4 GPa. The initially ordered domain in the CoCrCuFeNiPr HEA was believed to act as
embryos. With increasing pressure, the embryos grow into the ordered phase [58].

3.2. Bcc-Structured HEAs

In addition to the fcc-structured HEAs, bcc-structured alloys are another major member of the
HEA family, which include both the chemically disordered A2 and ordered B2 phases. Bcc-structured
HEAs often exhibit high yield strength in a very high-temperature regime. Therefore, the stability of
the bcc-structured HEAs is an exciting topic that has been explored extensively at various conditions,
recently also by high pressure.

Ahmad et al. investigated the structural stability of a TiZrHfNb alloy with a disordered bcc
structure during compression up to 50.8 GPa; no phase transition was found [55]. Yusenko et al.
explored another bcc-structured Al2CoCrFeNi HEA; it had no phase transition up to 60 GPa as
well [59]. Guo et al. studied the structural evolution of a superconducting (TaNb)0.67(HfZrTi)0.33 HEA
during compression up to approx. 100 GPa; its bcc structure seemed very robust without any detectable
structural transition [63]. No phase transition has ever observed in the bcc-structured HEAs. Therefore,
it seems that the bcc-structured HEAs are incredibly stable, and much higher pressure may be needed
to induce phase transitions (compared to the fcc family).

To lower down the transition pressure of possible polymorphic phase transitions, Cheng et al. [61]
employed a creative strategy to focus on relatively less stable compositions. They chose an equiatomic
AlCoCrFeNi HEA and monitored its structural evolution during compression up to 42 GPa.
The AlCoCrFeNi alloy had an ordered bcc-structure (B2 phase) and was reported to sit in the transition
zone between the fcc and bcc phases, as x varies in the AlxCoCrFeNi HEA system (0 < x < 2) [72]. Indeed,
they discovered a phase transition from the initial B2 phase to a highly distorted form starting at
relatively low pressure of approx. 17.6 GPa, by combining ex situ high-resolution transmission electron
microscope (HRTEM) with in situ high-pressure synchrotron radiation XRD data, as shown in Figure 6.
Besides the XRD peak splitting, severe peak weakening and broadening occurred during compression,
which may have been caused by the significant lattice distortion developed in the sample. Therefore,
their work was unable to resolve the atomic structure of the high-pressure phase. Nevertheless, it is
the first time that a pressure-induced polymorphism was suggested in a bcc-structured HEA [61].
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Figure 6. The structural evolution of the AlCoCrFeNi HEA as a function of pressure monitored by
in situ high-pressure XRD patterns at room temperature (a) and the locally enlarged plot of the XRD
patterns for each peak upon compression (b) and decompression (c) to show more details of the peak
shape and width: The x-ray wavelength is 0.4959 Å [61].

With slightly lower Al content but still located in the bcc-fcc transition zone, the Al0.6CoCrFeNi
HEA was studied by Wang et al. using in situ synchrotron radiation XRD in a DAC with both silicone
oil and helium as the pressure-transmitting medium up to approx. 40 GPa [62]. The Al0.6CoCrFeNi
HEA powders were prepared by the GA method. A single bcc phase was obtained with a high
quenching rate in the GA process. They revealed a bcc-to-orthorhombic phase transition, which started
at approx. 10.6 GPa and completed at approx. 21.4 GPa. Interestingly, another body-center-tetragonal
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(bct) phase emerged and coexisted with the high-pressure synthesized orthorhombic phase when
the pressure was released. These results indicate that the orthorhombic phase may be metastable at
ambient conditions but could be partially maintained due to the possible large energy barrier [62].
Moreover, after annealing at 1000 ◦C for 2 h, the initial GA bcc Al0.6CoCrFeNi HEA can transform into
a more stable fcc phase. During compression, the fcc phase of the Al0.6CoCrFeNi HEA could completely
transform into an hcp phase similar to Cantor’s alloy. The samples recovered from high-pressure
compression were characterized by transmission electron microscopy (TEM) and further confirmed
that all of the five polymorphs could stably/metastably exist at ambient conditions (transition path
between them is shown in Figure 7). Severe lattice distortion, which is tunable by high pressure or
temperature was suggested to play a crucial role in the formation of various polymorphs and the
transition between them in the Al0.6CoCrFeNi HEA. These findings suggest that HEAs could behave
quite differently from the expectation of a linear combination of its constituent element; they may also
exhibit structural flexibility/tunability far beyond that of their solution components [62].

 
Figure 7. A schematic illustration of the atomic structure for five polymorphs observed in the
Al0.6CoCrFeNi HEA and the transition paths between them [62].

3.3. Hcp-Structured HEAs

HEAs commonly form with fcc or bcc structures. Recently, hcp-structured HEAs were observed
in high-pressure experiments via an fcc to hcp polymorphic transition and was obtained in the
melt-quenched alloys mainly consisting of heavy hcp metals, e.g., the CoOsReRu, CoFeReRu and
CoReRuV, Ir0.19Os0.22Re0.21Rh0.20Ru0.19, or rare earth hcp elements [8–12]. Ahmad et al. [55]
investigated the structural stability of the quarternary equiatomic ReRuCoFe alloy under high pressure.
They compressed the sample from 0.9 GPa to 80.4 GPa in a DAC. The unit cell parameters of a
and c, its ratio a/c, and the sample volume all continuously decreased with increasing pressure,
which indicates the hcp structure of the ReRuCoFe alloy is stable under compression up to approx.
80 GPa. Yusenko et al. investigated the structural stability of the hcp Ir0.19Os0.22Re0.21Rh0.20Ru0.19 HEA
at room temperature during compression up to 45 GPa but also observed no phase transition [64].

For the hcp-structured rare earth HEAs, Yu et al. reported a series of pressure-induced
phase transitions in the HoDyYGdTb HEA by in situ XRD measurements in a DAC using
synchrotron radiation x-ray. Four polymorphs were observed following a transition sequence of
hcp→Sm-type→dhcp→dfcc during compression up to 60.1 GPa (Figure 8), which resembles the rich
pressure-induced polymorphic transitions in its constituent elements [65]. The Sm-type phase firstly
appeared when the pressure reached 4.4 GPa. At 13.6 GPa, the hcp (102) diffraction peak disappeared,
indicating the completion of the hcp to Sm-type phase transition. With further increasing pressure to
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26.7 GPa, the dhcp phase emerged and persisted to 38.3 GPa, and then, the dhcp-dfcc phase transition
occurred at 40.2 GPa.

 
Figure 8. The in situ high-pressure XRD patterns of the HoDyYGdTb HEA during compression [65].

4. Conclusions and Outlooks

HEAs are the focus of advanced metallic alloy research and have been attracting more and more
attention over the last decade. Recent studies on HEAs under high pressure have added another
dimension to the exploration of HEAs. The exciting findings in HEAs during compression under
high pressure deepen our understanding of HEAs, providing a new avenue towards new HEAs
development and helpful guidance for applications at extreme conditions. As a new research direction,
growing interest in the structure and properties of HEAs under high pressure is expected to continue.
Future outlooks are briefly summarized below:

(1) Synergic effect of pressure–composition–temperature. HEAs open up an almost infinite
composition space for alloy design. Hundreds of different HEAs have been developed, but so far,
only a few of them have been studied under high pressure. Inspired by the existing high-pressure
work, more exciting novel phenomena and new structures are expected with broader exploration in
more HEAs. Meanwhile, the elusive composition effect on the phase transitions of HEAs remains to be
addressed. Besides, combining high pressure with temperature (from cryogenic temperatures up to
the melting temperatures) can further clarify the stability of various HEAs and is worth more effort in
future research.

(2) Combing multiple high-pressure techniques for better understanding of HEAs. Over the last
few years, the major high-pressure research of HEAs has focused on the crystal structure evolution
during compression and decompression. However, we still lack an in-depth understanding of the
transformation mechanism. The atomic size ratio, electronegativity difference, valence electron
concentration, magnetic states, etc., which are all critical for the formation and transformation of HEAs,
have not been systematically explored under high pressure yet. To get more detailed information of
the atomic and electronic structure of the multicomponent HEAs under high pressure, besides XRD
measurements, more experiments combining other powerful in situ element-sensitive techniques
are required, such as in situ high-pressure extended x-ray absorption fine structure (EXAFS), in situ
high-pressure x-ray emission spectroscopy (XES), and in situ high-pressure x-ray magnetic circular
dichroism (XMCD).
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(3) Involving more variables for high-pressure studies of HEAs. Existing studies have shown
that the phase transitions of HEAs are sensitive to shear stress. Therefore, high-pressure torsion (HPT)
which generates extreme shear deformation under high pressure could be another powerful technique
for HEAs structure tuning with well-controlled shear stress and deformation. In addition, the results
reviewed in this paper focus on the static compression of HEAs using DACs. The strain rate effect on
the high-pressure behaviors of HEAs has not been extensively investigated. The dynamic compression
of HEAs with another dimension of an extremely high strain rate is also worth more exploration.

(4) Properties studies of HEAs using large-volume press. With unique compositions and
disordered atomic structures, HEAs show many unusual properties. Under high-pressure compression,
HEAs with new structure could be synthesized. Meanwhile, the grain size and defects could also
be considerably changed, which could affect their properties as well. Guo et al. measured the
superconducting behavior of the (TaNb)0.67(HfZrTi)0.33 HEA under high pressure. They surprisingly
observed extraordinarily robust superconductivity even up to 190.6 GPa [63]. Although the properties
of HEAs under high pressure may be interesting, besides the equation of states (EOS) which can be
readily measured by in situ XRD in DACs, the vast other properties have not been well-studied.
One critical issue of the DAC samples is the requisite tiny sample size. Fortunately, since the
critical pressures reported for the polymorphic transitions in HEAs are mostly around 20 GPa or
below, a large-volume press (LVP) with approx. 1000 times larger sample volumes than DACs
under similar pressure conditions (typically <25 GPa) [73] could be used to synthesize millimeter or
centimeter-sized HEAs readily for various properties characterization. Very recently, Yu et al. used a
10-MN double-stage LVP and compressed Cantor’s alloy with a diameter of 1.5 mm and a height of
2 mm to 20 GPa [74]. They synthesized a bulk equiatomic CoCrFeMnNi HEA containing a mixture of
fcc and hcp phases for property characterization. Cantor’s alloy recovered from high-pressure treatment
(20 GPa) showed a doubled hardness of the as-cast fcc samples because of enhanced dislocations, twins,
stacking faults, and the hcp laths [74].

(5) Theoretical calculations. Recent progress in the experimental discovery of the polymorphic
phase transitions in HEAs was first inspired by the finite-temperature ab initio calculation work done by
Ma et al., which predicted that the hcp phase in certain magnetic states would be more stable than the
fcc phase of Cantor’s alloy at room temperature [70]. HEAs with complex compositions are a challenge
for theoretical simulations, but it is quite encouraging that much exciting work has been successfully
done on HEAs [23,75]. In the high-pressure community, many calculation methods have also been
successfully established to handle materials under high pressure [76–78]. Theoretical simulations
definitely will continue to play a vital part in predicting new phenomena and in interpreting elusive
experimental results of HEAs. So far, there is still limited computational calculation works on the
high-pressure behaviors of HEAs. However, we believe more exciting works can be expected in HEAs
under high pressure by combing advanced experimental tools with simulation methods closely.

The concept of high entropy has been extended into many material systems including
high-entropy nitrides, carbides, oxides, and metallic glasses. Therefore, the proposed research above is
suitable for other new high-entropy materials as well.
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Abstract: High-entropy alloy (HEA) offers great flexibility in materials design with 3–5 principal
elements and a range of unique advantages such as good microstructure stability, mechanical strength
over a broad range of temperatures and corrosion resistance, etc. Welding of high entropy alloy,
as a key joining method, is an important emerging area with significant potential impact to future
application-oriented research and technological developments in HEAs. The selection of feasible
welding processes with optimized parameters is essential to enhance the applications of HEAs.
However, the structure of the welded joints varies with material systems, welding methods and
parameters. A systemic understanding of the structures and properties of the weldment is directly
relevant to the application of HEAs as well as managing the effect of welding on situations such as
corrosion that are known to be a service life limiting factor of welded structures in conditions such as
marine environments. In this paper, key recent work on welding of HEAs is reviewed in detail focusing
on the research of main HEA systems when applying different welding techniques. The experimental
details including sample preparation, sample size (thickness) and welding conditions reflecting
energy input are summarized and key issues are highlighted. The microstructures and properties of
different welding zones, in particular the fusion zone (FZ) and the heat affected zones (HAZ), formed
with different welding methods are compared and presented in details and the structure-property
relationships are discussed. The work shows that the weldability of HEAs varies with the HEA
composition groups and the welding method employed. Arc and laser welding of AlCoCrFeNi HEAs
results in lower hardness in the FZ and HAZ and reduced overall strength. Friction stir welding
results in higher hardness in the FZ and achieves comparable/higher strength of the welded joints in
tensile tests. The welded HEAs are capable of maintaining a reasonable proportion of the ductility.
The key structure changes including element distribution, the volume fraction of face centered cubic
(FCC) and body centered cubic (BCC) phase as well as reported changes in the lattice constants are
summarized and analyzed. Detailed mechanisms governing the mechanical properties including
the grain size-property/hardness relationship in the form of Hall–Petch (H–P) effect for both bulk
and welded structure of HEAs are compared. Finally, future challenges and main areas to research
are highlighted.

Keywords: high-entropy alloys; welding; Hall–Petch (H–P) effect; lattice constants

1. Introduction

High-entropy alloys (HEAs) are based on the promising alloy design ideas of configurational
entropy maximization, which offer great flexibility in developing different material systems [1–6].
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Compared with the classic alloys, HEAs possess better performance in areas such as hardness,
wear resistance, fatigue and resistance to corrosion and oxidation [3–6] as well as novel physical
properties [2,3]. In general, HEA has high intrinsic strength and ductility, and the low diffusion rate
of HEAs at high and low temperatures makes their applications in harsh condition possible [1,7,8].
There are many different material systems and processing methods developed in the past decades,
which offer great flexibility in materials and processing methods selection for different conditions
with a suitable welding process. In the meantime, the complexity of the material systems requires
development of detailed understanding of the material behavior in different manufacturing processes
including both hot and cold working operations. Joining of HEAs in similar or dissimilar material
systems is increasingly important for expanding the applications of HEAs [9], among which welding
process of HEAs is challenging due to the complex chemical, physical, and mechanical nature of
welding and the need for tailoring the properties and structures of the weldment for complex loading
conditions in similar and dissimilar welding.

HEA can be produced by many different routes such as liquid processing approaches (e.g.,
arc melting, Bridgman solidification, atomization and laser cladding), additive manufacturing,
mechanical alloying (e.g., powder metallurgy), mixing elements of the vapor state including sputter
deposition, atomic layer deposition and vapor phase deposition [1,10–18]. Welding is a complex
process due to the fact that many conditions or factors affect the welding process. The quality of the
welded joints can be assessed by the microstructure of the welding zones formed and mechanical
structural integrity of the weldment as well as corrosion and fatigue [12]. There are many different
welding processes such as arc welding, laser welding, friction stir welding, electron beam welding,
electrical resistance spot welding as well as other processes such as electroslag welding, vacuum
diffusion welding, etc. [9,12–16]. These welding processes differ significantly in the welding mechanism,
working principles of the equipment and efficiency, but each has been found to have wide applications
in different industries and application conditions. The energy input and the maximum temperature
could be many orders of magnitude different from each of the welding methods, which directly
influence the elemental and material behavior such as evaporation, melting and cooling. For example,
the heat density ranges from 105–106 W/cm2 for gas metal arc welding or plasma arc welding to
107–108 W/cm2 for laser or electron beam welding [15,16]. The structural zones formed (Figure 1)
after different welding processes could be significantly different in geometry, size, microstructure and
compositions, which is dependent on many factors such as the behavior of material systems (elements,
evaporation, melting, flow, phase changes, cooling, etc.), the original structures of the workpiece,
size of the specimen and the welding parameters, etc. The structure and properties of the welded
joints (such as size/shape of the welding zones, the hardness distribution, residual stress, defects,
etc.) also affects the performance of the overall joints under different modes of loading and service
conditions [17]. These directly influence the suitability of each welding process on joining different
HEAs, the application of HEAs and future developments in related areas [1,5,6,18].

In this paper key recent work on welding of HEAs is systematically reviewed. The main works
on welding of different HEAs with different welding techniques are presented. The experimental
details including samples preparation, sample size (thickness) and welding conditions reflecting the
speeds and energy input are summarized. The different welding zones formed with different welding
methods and the microstructures are compared. The hardness change of the fusion zone (FZ) and heat
affected zones (HAZ) in different welding processes is compared and linked to the material systems.
The mechanism of microstructure and property changes in the FZ and HAZ and their influence on the
mechanical properties is discussed. Data on the Hall–Petch (H–P) effect (grain size-property/hardness
relationship) for both bulk and welded structure of HEAs is compared. The future challenges and main
areas to research are highlighted on the weldability of HEAs, welding process selection and potential
effects of the microstructure and properties in different welding zones of HEAs on their applications.
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Figure 1. Welded zones formed by different welding methods. [http://is.gliwice.pl/en/strona-cms/
electron-beam-welding-laboratory].

2. Welding of HEAs in Different Welding Processes

2.1. Arc Welding of HEAs

Arc welding is one of the most common welding methods, in which the energy from an arc of
electric current between the material and a consumable/non-consumable electrode stick (either) is
employed to melt the workpiece(s) with/without a protective atmosphere. Typical arc welding includes
shielded metal arc welding (SMAW), gas tungsten arc welding (GTAW) (also known as TIG (Tungsten
inert gas)), gas metal arc welding (GMAW), flux-cored arc welding (FCAW), submerged arc welding
(SAW) [15,16]. Most of the work on welding HEAs has been focused on gas tungsten arc welding
(GTAW) [19,20]. In the welding process, a non-consumable tungsten electrode is used to produce
the weld by melting the base metal (Figure 2a), and the weld area is protected from atmospheric
contamination by an inert shielding gas such as argon or helium. In the work by Sokkalingam et al [19],
two Al0.5CoCrFeNi–HEA plates (homogenized at 1423 K for 24 hours followed by furnace cooling)
of a thickness of 2.5 mm were butt-welded with a current of 40 A and voltage of 12 V at a welding
speed of 80 mm/min. The FZ and HAZ formed exhibited distinctively different structures from the
base metal (BM) (as shown in Figure 2b). The dominant structure in the FZ mainly consisted of fine
elongated grains with diameter of 8–12 μm and lengths of 80–120 μm. The HAZ had a distinctive
coarse grain structure with grain boundaries delineated by the body centered cubic (BCC) phase.
Vickers micro-hardness tests across the three zones revealed an inferior hardness of the FZ and HAZ
compared to the BM, particularly at the center of the welding pool (Figure 2c). Tensile tests of welded
sample perpendicular to the welding seam showed that both the yield strength (YS) and the ultimate
tensile strength (UTS) were reduced after welding, but the welded sample has maintained a high
proportion of the ductility (Figure 2d), which is better than samples with other welding processes
(detailed in the following sections).

CoCrFeMnNi system is another major HEAs system with significant potential in structural
applications [20–23]. Wu et al [20] investigated the welding of CoCrFeMnNi HEAs with
low-energy-density, high-heat-input gas tungsten arc (GTA). The raw material of the workpiece
was arc-melted and drop-cast into an ingot of 25.4 mm × 12.7 mm × 127 mm, a rolling operation along
the longitudinal direction was then performed in air at room temperature to reach a final thickness of
1.6 mm. The sheets were annealed at 900 ◦C for 1h to obtain an equiaxed microstructure. Buttwelding
of two pieces of the sheet alloys were performed at a power level of 8.4 V and 75 A with a welding speed
of 25.4 mm/min. The FZ of the welded joints exhibited a centerline grain structure of large columnar
grains grown from the fusion lines to the centerlines (Figure 3). Tensile tests of the specimen at 293 K
and 77 K showed that the effective YS of the GTA weld was close the BM, but the UTS was significantly
lower, in particular for the low temperature test. The ductility of the GTA sample was maintained over
50% (Figure 3). The difference in the microstructures of the FZ between the two material systems (i.e.,
Al0.5CoCrFeNi and CoCrFeMnNi) is apparent, both showed columnar grain structure, but the effect
of the welding on the mechanical response is different. The FZ of Al0.5CoCrFeNi–HEA (Figure 2d)
showed a drop in YS and UTS, and maintained high proportion of the ductility against the BM;
while the drop in YS for CoCrFeMnNi (Figure 3) was relatively limited but there was a clear drop of the
UTS, but it had only maintained about half of the ductility. The work also revealed limited depletion
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behavior of Mn in the weld zone, which is different from welding of high-Mn stainless steels [24].
Nano-twins (Σ3) common to CoCrFeMnNi HEA and other face-centered cubic (FCC) metals and alloys
with low stacking fault energy were also observed [25]. The nano-twins and twin bundles formed
during deformation had significantly beneficial effect on mechanical properties such as tensile strength.

Figure 2. Structure and hardness of the welded zones and engineering stress-stain curves of the
welded samples of Al0.5CoCrFeNi high entropy alloy (HEA) [19]: (a) Schematic of gas tungsten arc
(GTA) welding process, (b) Scanning electron micrographs of base metal (BM)–heat affected zone
(HAZ)–fusion zone (FZ) interfaces, (c) Microhardness profile on the surface of the welded sample and
(d) Engineering stress–engineering strain curve for the BM and welded sample.

Figure 3. Structure of the welding zones and tensile test results of welded joint of CoCrFeMnNi alloy
by GTA [20].

2.2. Laser Welding/Laser Beam Welding

Research on laser beam welding (LBW) of HEAs has been reported in several recent
publications [26–30]. In a laser welding process, pieces of metal are melted and joined through
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a concentrated heat source provided by the laser beam, forming a narrow, deep weld (Figure 4a).
LBW has much higher welding rates than arc welding and is more suitable for high volume applications.
LBM is based on keyhole or penetration mode welding [17]. Compared to arc welding, the heat
density for laser is much higher and the welding point/zones is narrower and the cooling could
be much faster [17,18]. Kashaev et al [26] studied LBW of a CoCrFeNiMn-type HEA produced by
self-propagating high-temperature synthesis (SHS). The synthesis of the initial CoCrFeNiMn-type alloy
was carried out with the use of thermite-type SHS powders containing oxides of the target elements
(NiO, Cr2O3, Co3O4, Fe2O3, MnO2 and high purity Al as the metal reducer). The SHS-fabricated alloy
was characterized by ∼2 times reduced Mn content in comparison with that of the other principal
components and the presence of impurities including Al, C, S, and Si. In the experiments, welded
butt-joints were produced using an 8.0kW fiber laser with a fiber optic (300 μm core diameter) and a
300 mm focal length with a welding speed in the range between 3.0 m/min and 6.0 m/min. Detailed
metallurgical analysis revealed that the difference in microstructure and grain orientation distribution
between the BM, HAZ and the FZ was not significant. As shown in Figure 4b, the FZ was not
fully symmetric. Detailed Vickers hardness tests at the top, middle and bottom of cross-section
showed a pronounced increase in microhardness from (153±3) HV 0.5 (BM) to (208±6) HV 0.5 (FZ)
(Figure 4b). Nam et al [28] recently also reported the change of hardness on LBW of equiatomic
Co0.2Cr0.2Fe0.2Mn0.2Ni0.2. The specimen in the work was prepared via vacuum induction melting,
casting and homogenisation at 1100 ◦C for 24 h followed by air cooling. The tensile test data (Figure 4c)
showed that the rolled specimen was much stronger with significant work hardening than the cast
specimen. Systematic tests also showed that the stress-strain curves were not very sensitive to the
change of welding speed, further details can be found in the paper [28]. Tests on the cross section of
the weld of rolled specimen and cast specimen revealed hardness increase in the FZ and HAZ over the
BM, but to a distinctively different extent. The hardness increase in the FZ of the rolled HEA specimen
was limited while the hardness increase in the FZ of the cast specimen was over 30% (~130 to ~170 HV
0.5) (Figure 4d). Similar levels of hardness increase were also reported in the work on welding of
CrMnFeCoNi plates with thickness of 1 or 2 mm [29], in which metallurgical analysis showed the FZ
formed a dendritic structure with the dendritic and interdendritic regions relatively rich in Fe and
Mn, respectively. The hardness of the FZ was much higher than the BM (~185 HV0.1 vs. ~143 HV0.1).
Despite the difference in material systems and the condition of the BM, the thickness and welding
powers and speeds [26,28,29], all these works showed an increase in the hardnesses of the FZ and HAZ.

The trend of the other reported works on LBW showed a difference in terms of the hardness
changes in the FZ [19,27]. In the work by Sokkalingam et al [19], 1 mm thick sheets of Al0.5CoCrFeNi
were welded with a power of 1.5 kW and a traverse speed of 600 mm/min. The FZ that was exposed to
rapid heating and cooling rate showed clear grain refinement (Figure 5a) with two kinds of dendritic
structures: few longer columnar dendrites at the region next to fusion line, at the interloop boundaries
and weld center with an average dendritic spacing of 4.8 μm and smaller equiaxed dendrites at
in-between areas. Different from the results shown in Figure 4, Vickers microhardness test showed that
the FZ became softer than the BM (Figure 5b). Similar hardness drop in LBW has also been reported by
Nam et al [27] on Co0.2Cr0.2Fe0.2Mn0.2Ni0.2 (Figure 5c,d). In the work, the HEA slab used in laser
butt-welding was homogenized at 1100 ◦C for 24 h and hot-rolled to 3 mm, followed by air cooling,
then cold-rolled to 1.5 mm at room temperature (25 ◦C). As shown in Figure 5d the hardness of the FZ
is much lower than the BM. The data also clearly showed that the width of the HAZ was affected by
the welding speed but the bound of hardness of the FZ was not sensitive to the welding speed.
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Figure 4. Hardness distribution in laser welded joints of HEAs: (a) Schematic diagram showing the
laser welding process, (b) Microhardness profile of a butt–joint [26], (c) Stress-strain curves of the cast
and rolled BM at various welding velocities [28] and (d) Hardness distribution in the transverse welds
of the cast and rolled HEAs at various welding velocities: 6–10 m min−1 [28].

Figure 5. Structure and hardness of laser beam welded Al0.5CoCrFeNi HEAs: (a) Welding zones and
boundary [30], (b) Microhardness profile on the surface [30], (c) Structure of the welded joints [27] and
(d) Hardness distributions in the transverse weld for various welding velocities [27].
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2.3. Electron Beam Welding

In an electron beam welding (EBW) process, a beam of high-velocity electrons is applied to
two materials to be melted and joined. The heat density is high and the melted zone is normally
thinner than that in laser and arc welding. In the work by Wu et al [31] on weldability of a high
entropy CrMnFeCoNi alloy using a controlled test, a face centered cubic (FCC) CrMnFeCoNi alloy was
selected. Welds produced by EBW showed no cracking. Tensile tests data showed that the welded
joints possessed mechanical properties comparable to those of the BM at both room and cryogenic
temperatures. Compared with the BM, deformation twinning was more pronounced in the FZ of the
tested alloy. In another work, Wu et al [20] investigated low-heat-input EBW of CoCrFeMnNi HEA.
The EB welds were made at a power level of 125 kV/2.2mA, and at a welding speed of 38 mm min−1.
The work also showed that the welded specimen has maintained the strength and ductility of the
BM indicating good weldability of the HEA in this condition (Figure 6). In the work by Nahmany
et al [32], electron beam surface re-melting was employed to modify the surface properties of two
five-component AlxCrFeCoNi HEAs (x-0.6 and 0.8) prepared by vacuum arc-melting. The effects of
electron beam heat on the structure and mechanical properties of deep penetration welding of HEAs
were investigated. The quality of weld was found to be dependent on the welding condition (Figure 7),
when the welding heat input was increased from 72 J/mm (P2-1 and P3-2) to 108J/mm (P2-3, P3-4),
cracks were observed, which is thought to be due to the residual stresses. In addition, the hardness of
the FZ also increased relative to the BM, which is different from EBW. The reason for the hardness
difference requires further studies but this highlighted the effect of depth and energy input on the
quality of the welding process.

Figure 6. Structures and properties of electron beam butt–welded joints of CrMnFeCoNi alloy:
(a) Electron backscattered diffraction (EBSD) maps showing the grain structure of the welded joints on
transverse surface and (b) Tensile test results of welded joint [20].

Figure 7. Structures of electron beam deep penetration welding of AlCrFeCoNi HEAs with different
heat input: (a) 72 J/mm [32] and (b) 108 J/mm [32].
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2.4. Friction Stir Welding

Several works have studied the friction stir welding (FSW) of HEA systems [29,33–37]. Different
from arc, laser and electron beam welding, FSW (Figure 8) is a form of solid-state joining, in which
two facing workpieces are jointed through the heat generated by friction between the rotating of a
non-consumable tool and the workpiece material [38]. The volume of the material affected in the
welding process is much wider than other fusion based welding processes. Zhu et al [34] studied the
FSW of a typical FCC CoCrFeNiAl0.3 HEA. The sample was made by arc-melting and cast into ingot
plates with a dimension of 2 mm× 10 mm× 30 mm. The welding process was performed with speeds of
30 and 50 mm/min while the rotation rate and load force were kept at 400 rpm and 1500 kg, respectively.
The tool has a shoulder diameter of 12 mm, probe diameter of 4 mm and probe length of 1.8 mm.
The FSW joint consisted of four different regions: the stir zone (SZ), thermomechanically affected zone
(TMAZ), HAZ and BM (Figure 8). The SZ exhibited refined grain size arising from recrystallization and
it exhibited higher hardness due to grain size refinement. The TMAZ exhibited a mixed microstructure
comprising coarse and fine grains due to partial recrystallization. The XRD results indicated that the
HEA remained an FCC structure after FSW. The SZ showed a refined equiaxed microstructure due
to recrystallization, and the hardness of the FZ was found to be much higher (220 HV) than the BM
(180 HV). Another study [35] reported the work on FSW of a ductile Co16Fe28Ni28Cr28 HEA of a low
content of Co with a particular focus on microstructural evolution and weld strength in comparison to
typical FCC HEAs. The work revealed a similar trend of hardness increase in the SZ compared to the
hardness of the BM (~250 HV vs. 150 HV). The work also showed that the grain size decreased slightly
while the hardness increased with increasing the welding speed.

Figure 8. (a) Schematic diagram showing the friction stir welding (FSW) process and (b) Microstructure
formed in FSW of Co16Fe28Ni28Cr28 alloys [34]: stir zone (SZ), thermomechanically affected zone
(TMAZ), heat affected zone (HAZ) and BM.

Jo et al [29] investigated the microstructure and mechanical properties of friction stir welded
CrMnFeCoNi HEA. The material was prepared by vacuum induction melting and hot rolling at 1100 ◦C.
The dimension of the FSW plates was 55 mm × 60 mm × 2 mm. The pin diameter was 4–5.76 mm,
the pin length was 1.85 mm, the shoulder diameter was 12 mm and the tilt angle was 3◦. The FSW was
carried out at a welding speed of 150 mm/min and tool rotation speeds of 600 and 70 RPM. Detailed
metallurgical analysis showed that FSW refined the grain size in the weld region by a factor of ∼14
when compared with the BM (Figure 9a). The hardness in the weld region was much higher than
the BM (~215 HV vs.144 HV) (Figure 9b). The tensile strength and ductility of FSW CrMnFeCoNi
were comparable to that of annealed CrMnFeCoNi. This is probably associated with considerable
microstructure refinement in the SZ and further recrystallization in FSW.
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Figure 9. (a) Grain size at different distance from weld center positions and (b) Vickers hardness in the
cross-section of FSW CrMnFeCoNi HEA [29].

Shaysultanov et al [36] studied FSW of a carbon-doped CoCrFeNiMn HEA in butt joints. Along
with the principal elements, a small amount (0.9 at.%) of C was added to the alloy produced by SHS.
The CoCrFeNiMn alloy was produced using thermite-type SHS, in which a mixture of powders (oxides
of the target elements NiO, Cr2O3, Co3O4, Fe2O3, MnO2, pure carbon C, and Al as the metal reducer)
was used as the starting material. The as-cast alloy was cold rolled and annealed at 900 ◦C to produce a
refined microstructure. The microhardness measurement showed an approximately 40 HV increase in
the area of the SZ in comparison with the BM. Tensile tests were performed on samples perpendicular
to the welded seam as well as on the sample along the welding direction (Figure 10). The data for
both sample conditions showed a clear noticeable rise in strength in comparison with the BM. This can
be associated with the microstructure refinement and some increase in the volume fraction of M23C6

carbides [36]. The sample with the loading axis perpendicular to the weld maintained around 50% of
the ductility, while the sample fully taken from the seam showed comparable ductility to the BM.

Figure 10. Microhardness distribution across the weld seam (a) and tensile stress-strain curves of the
FSW specimens cut across (b) or along (c) the weld seam [36].
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3. Grain Structure, Element Distribution and Precipitations in Welded Structures of HEAs

The structures at different levels (grain, precipitation and lattice) are important to the integrity of
the weldment. The structure, precipitation and element segregation/redistribution in a welding process
are also important for some service conditions such as corrosion, creep etc. [1,12,15,16]. Apart from the
difference in the general structure and hardness profiles of welding zones detailed in Section 2, research
work on welding of HEAs also revealed significant difference in secondary phase and precipitation
associated with different welding processes and material systems. In arc welding processes, such as
GTAW, which is like a miniature casting process, the weld metal experiences a rapid cooling rate.
The main grain structure is elongated columnar dendrites nucleated from the fusion line and equiaxed
grains near the weld centerline [19,20]. Sokkalingham et al [19] has performed detailed XRD analysis
on GTAW for Al0.5CoCrFeNi and found that both the volumetric fraction and lattice constant for both
FCC and BCC phases change. The volume fraction of FCC increases (from 76 to 97.8%) but the lattice
constant of FCC decreased from 0.3568 to 0.2424, and the lattice constant of BBC increased significantly,
from 0.2132 to 0.3020. This is an interesting finding, and further research is required on how this is
linked to the element segregation and how this change may affect the mechanical behaviour including
shear and corrosion [39,40].

Composition distribution and element segregation across the welded joint at macro and micro
scales are important to the understanding of the mechanical and corrosion resistance of the welded joint,
which may be associated with many different mechanisms, such as evaporation, time and temperature
for element diffusion, oxidation and precipitation, etc. [4,19,20,30,41–43]. For CoCrFeMnNi alloy [20],
the GTA weld exhibited microsegregation behaviour in the Mn- and Ni-rich interdendritic region
and Co-, Cr-, and Fe-rich dendrite cores, but the depletion of Mn was not observed, while for EBW
weld, there was clear Mn depletion in the FZ (Figure 11) [20]. As shown in Figure 11b, the average
value of the Mn is lower than the nominal value (20%). This was probably caused by evaporation
of Mn due to the high power density associated with the EB welding process. For Al0.5CoCrFeNi,
the elemental analysis in FZ revealed that the dentrites were rich in Fe and Co, depleted of Al and
Ni, and had an even distribution of the Cr element [19]. Similar results have been observed in LBE of
Al0.5CoCrFeNi [30]. It is not fully clear if evaporation of Al had played role influencing the structure
and properties. However, elemental analysis showed that the concentration of Al element in dentrites
and interdentrites of the as-welded (AW) sample is lower than the grains and the grain boundaries
of the BM. The dendrites of the AW have a Al concentration of 4.78 %, while the grain of the BM
has a concentration of 5.27%; The data also shows that the interdentrites of the AW region consist of
10.69% Al, while the Al concentration in the BM-grain boundary is about14.43%. So, it is possible that
evaporation of Al may have occurred during the LBE process, which requires further quantitative
studies together with other mechanisms proposed by the authors, such as precipitation of BBC phase
(Al-Ni rich phase). In both material systems (i.e., AlCoCrFeNi and CoCrFeMnNi), the primary dendrite
arm spacing and the extent of elemental segregation were less in the welds than in the cast ingot as
the cooling in welding is much higher than in casting. In LBW, the heat density and the cooling rate
is much higher than arc welding, the FZ gives the appearance of a columnar grained microstructure
with random crystallographic orientation, and no significant change in microstructure near the FZ-BM
boundary was observed [29]. In another work [26], the differences in microstructure and grain
orientation distributions between the BM, HAZ and the FZ were not significant for CoCrFeNiMn-type
HEA in LBW. For CrMnFeCoNi, the interdendritic and dendritic regions are enriched in Mn and Fe,
respectively, similar to that at the FZ-BM boundary. LBW also resulted in precipitation of the nanoscale
B2 phase particles for CoCrFeNiMn-type HEA. In the weldment of Al0.5CoCrFeNi, the equiaxed
polygonal grains with grain size of 60 μm in homogenized state transformed to longer columnar
dendrites at the region nearer to fusion boundary and inter-loop boundaries with an average dendritic
spacing of 4.8 μm and fine equiaxed dendrites at the weld center on welding [19]. The work also found
that, in the LB weldment, the hardening factor (Al-Ni rich BCC phase) was less in the weld metal than
that in the BM, therefore the weld metal exhibited a lower hardness than that of BM.
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For FSW, the SZ comprised of refined grains arising from dynamic recrystallization. The HAZ
exhibited a columnar structure [34,35]. In another work [29], EDS-line scan showed that in general
the dendrites were enriched in Fe and depleted in Ni and Mn. The fluctuation in composition was
significant: between ~5 and 15 at%. The cause for this compositional fluctuation in the FZ, which is
expected to stay hot longer than the FZ-BM boundary and thereby allow for greater homogenization,
is not clear and needs further study. In the work, relatively dark spherical particles were also
detected in the High-angle annular dark-field image (HAADF) and all the element maps were found
to be rich in Mn, S and O indicating that these were Mn sulfides/oxides. In the work on FSW of
carbon-doped CoCrFeNiMn HEA [36], the microstructure of the SZ was shown to contain M23C6

carbides. More importantly, the increase in the volume fraction and size of the carbides (to 7% and 150
± 62 nm, respectively) after FSW in comparison with that in the BM can be clearly noted. All these
may have contributed to the strength and hardness increase of the welded zone in FSW as illustrated
in Figures 9 and 10. This suggests that, for FSW, there is no specific post welding processing needed to
obtain a hardened joint, i.e., the alloy hardens due to the “natural” heat treatment during welding [36].
This is an advantage of interstitial alloying of HEAs. This indicates that higher strength of the FSW joints
can be achieved in similar alloys by tailoring microstructure via adjusting the chemical composition
and processing parameters even [26,33,44,45]. A typical example is shown in Figure 12, which shows
that the FSW can be used for processing HEAs with enhanced strength and ductility in a friction stir
processing engineered dual phase HEA [33].

Figure 11. Elemental mapping of fusion zone (FZ) for electron beam welding of CoCrFeMnNi:
(a) Microstructure of the electron beam (EB) weld zone area and electron microprobe analyzer (EMPA)
compositional mapping of the marked area in upper figure and (b) Compositional profile along the
arrow shown in (a) [20].
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Figure 12. Structure and stress strain curves of high entropy alloys (HEAs) with enhanced properties
through friction stir welding [45].

4. Discussion and Future Works

The recent work summarized in Sections 2 and 3 showed that HEAs have good welding
characteristics. A broad range of welding methods were found to be applicable to the welding of HEAs
and most cases showed no significant defects or cracking. The size of different welding zones varies
with the welding method, such as electron beam, laser and arc welding. FSW resulted in a much wider
FZ due to the involvement of the rotating pin. In most of the cases, the shape of the welded beam is
symmetrical, which represents good weldability for structure and quality control. However, there are
reported cases in which some butt-joints showed a non-symmetrical weld shape (Figure 4b), this is
most likely due to coarse columnar grains of the base material [26]. Most of the reported works were
based on butt-welding, which is one of the simplest forms of welding configuration. More complex
setup such as tensile, shear, bending, torsion, and impact, in which the stress condition is more complex
and close to real service conditions, need to be considered.The residual stresses also need to be studied
systematically. Residual stress is influenced by many factors such as localized heating and cooling,
differential volumetric change occurs both at macroscopic and microscopic level [46]. Limited work
has been reported on the measurement of residual stresses in the work reviewed, which were mostly
based on relatively simple, less constrained samples. In the case of EBM deep penetration welding of
AlxCrFeCoNi HEAs, it was shown that residual stresses could cause cracking (Figure 7b). HEAs have
greater freedom in designing composition, mechanical/physical properties, such as yield strength,
stiffness, thermal conductivity and expansion, all these may offer opportunity to optimize the material
design to manage the residual stresses in welding processes.

As detailed in Sections 2 and 3, the works published clearly show that the change of the
strength/hardness of the FZ and HAZ varies between the composition systems and the welding
process employed. This is a significant difference from other engineering materials such as carbon
or stainless steels, for which, the FZs normally have a hardness increase [47,48]. For nonferrous
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metals such as magnesium, the hardness for the FZ normally becomes higher but the hardness of
the HAZ may drop [49]. For HEAs, hardness drop in the FZ was observed for Al0.5CoCrFeNi in
laser and arc welding, while the hardness drop for CoCrFeMnNi is relatively limited or slightly
increased. Sokkalingam et al [19,30] suggested that the hardness drop for the Al0.5CoCrFeNi in the LB
weldment was due to the reduction of the hardening factor (Al-Ni rich BCC phase) in the weld metal
than in the base metal. The processing method of the sample also influences the hardness changes.
For example, as shown in Figure 4, the hardness change for the cast specimen after welding was
much more profound than that for the rolled specimen. Other parameters such as welding speed
and power also showed some influence on the hardness change but not as significant as the material
groups and welding methods. Another issue, which requires further work, lies in the question how
the hardness/strength change of the FZ and HAZ may affect the overall ductility and toughness of
the welded joints. Hardness/strength drop is not an ideal situation in terms of strength following
general engineering principles, however, this may potentially offer a way to enhance the ductility and
toughness of the welded joints. This can be beneficial to some service condition where toughness
is more critical than strength or hardness. Preliminary numerical modelling work by the authors
(in-process, result not shown) indicates that soft FZs in HEAs may help to spread the load more evenly
and reduce stress concentration, which commonly exists in welded joints with a hardened FZ [17],
thus improve the overall ductility or toughness of the welded structure. In the work by Wu et al [31] on
EBW of CrMnFeCoNi, tensile test results showed that, compared with the BM, deformation twinning
was more pronounced in the FZ of the tested alloy. Further combined experimental and numerical
modelling work is required to systematically investigate the structure and stress in the FZ, HAZ and
the HAZ-BM or HAZ-FZ interface within welded joints of HEAs under controlled material, welding
and testing conditions.

For HEAs and welded structures, many factors may contribute to the strength of the materials (such
as grain refinement, precipitation, residual stress, volume ratio of different phases) [15,16,22–25,41–43].
Grain size is still an important but not necessarily the dominating factor depending on the HEA
system and the welding processes utilized. For FSW, the SZ becomes much harder [19,20,26] than
the BM. One major mechanism contributing to the hardness increase is the refinement of the grain,
but the trend of the grain size effect does not fully follow the theories or data established for
conventional bulk HEAs. For bulk HEA alloys, the Hall–Petch (H–P) trend between grain size and
strength is applicable for a range of HEAs based on either tensile tests or hardness data including
CoCrFeNi [50–53], CoCrFeNiMn [7,54–56] and AlxCoCrFeNi [57–61]. While for welding, the suitability
of H–P relationship varies with the materials and welding conditions. For example, the data for
FSW of Co16Cr28Fe28Ni28 [35] and Al0.1CoCrFeNi [34,62] followed the H–P trend well, but for arc
welding and laser welding, the hardness and grain size relationship is opposite to the H–P trend [19,30].
These differences reflect that the controlling operative strengthening mechanisms are more complicated
than pure grain refinement, and other factors such as phase change, precipitation all may affect the
hardness to different extents. A more quantitative data driven methodology is required to clarify or
establish the dominating mechanism(s). For example, the combined contribution of grain refinement
and precipitation was quantified in [36] through combined Hall-Petch coefficient analysis. The work
showed that a decrease in grain size by a factor of two (from 9.2 μm in the initial condition to 4.6 μm
after FSW) resulted in an increase in strength by ~55 MPa. The rest of the increase in the yield strength
(~145 MPa) was attributed to the precipitation strengthening associated with some increase in the
volume fraction of the M23C6 carbides. Such quantitative analysis is not only important for establishing
the strengthening mechanism, it is also essential to provide guidelines for developing effective pre-
or post-treatments of welded structures. The published research work has successfully highlighted
the key issues influencing the mechanical properties of the welded joints, which is important for
expanding the applications of HEAs and welding processes. However, the data available is still
limited to draw direct comprehensive conclusion on the property differences between different welding
methods. Even though the general heat input is different between various welding techniques, but more
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systematic data on the cooling curves of comparable materials systemsare required to be conclusive
when quantifying the main strengthening mechanisms. Physical simulation with controlled cooling
(such as GleebleTM) will help to quantify the effect cooling history on the microstructure and properties
of different welding zones [62]. Establishment of the mechanisms of phase change, grain refinement
and precipitation is also directly beneficial to the development of new materials and interruptive
control technologies to maintain or improve the beneficial properties of HEAs such as high temperature
stability and corrosion resistance of welded structures of HEAs [63–65].

5. Summary

Recent works on welding of HEAs with various welding methods of different setup and heat
input were reviewed in detail focusing on the research on main HEA systems when applying different
welding techniques. The structures and properties of the welding zones in particular the FZ and the
HAZ formed with different welding methods were compared and presented in details and the structure
properties relationships were discussed. The works showed that weldability of HEAs varies with the
composition groups and the welding methods employed. Arc and laser welding of AlCoCrFeNi HEAs
resulted in lower hardness in the FZ and HAZ and reduced strength. FSW resulted in higher hardness
in the FZ and maintained the strength of the welded joints under tensile load. The welded of HEAs are
capable to maintaining reasonable proportion of strength and the ductility. The key structural changes
including element distribution, the volume fraction of FCC and BCC as well as some reported lattice
were summarized and analyzed. The effects of evaporation for high energy welding (such as LBM
and EBM) on composition and structure requires further quantitative study. Detailed mechanism(s)
governing the mechanical properties including the contribution of the grain size-properties/hardness
relationship in the form of Hall–Petch (H–P) effect for both bulk and welded structure of HEAs were
discussed. Future research is required to establish the strengthening mechanisms of the welded joints
and the effect of the observed hardness changes in the FZ on the strength and toughness of welded
structures of HEAs. Such quantitative analysis will provide guidelines for developing effective pre-
or post-treatments of welded structures. Studies of residual stress for different welding processes
and pre-post weld treatments, in particular for under complex loading conditions, is required for
enhancing the applications of HEAs. It is also beneficial to the development of new materials and
interruptive control technologies to maintain or improve the beneficial properties of HEAs such as
high temperature stability and corrosion resistance of welded structures of HEAs.
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Abstract: The tensile creep behavior of an equiatomic CoCrFeNiMn high-entropy alloy was
systematically investigated over an intermediate temperature range (500–600 ◦C) and applied
stress (140–400 MPa). The alloy exhibited a stress-dependent transition from a low-stress region
(LSR-region I) to a high-stress region (HSR-region II). The LSR was characterized by a stress exponent
of 5 to 6 and an average activation energy of 268 kJ mol−1, whereas the HSR showed much higher
corresponding values of 8.9–14 and 380 kJ mol−1. Microstructural examinations on the deformed
samples revealed remarkable dynamic recrystallization at higher stress levels. Dislocation jogging
and tangling configurations were frequently observed in LSR and HSR at 550 and 600 ◦C, respectively.
Moreover, dynamic precipitates identified as M23C6 or a Cr-rich σ phase were formed along
grain boundaries in HSR. The diffusion-compensated strain rate versus modulus-compensated
stress data analysis implied that the creep deformation in both stress regions was dominated by
stress-assisted dislocation climb controlled by lattice diffusion. Nevertheless, the abnormally high
stress exponents in HSR were ascribed to the coordinative contributions of dynamic recrystallization
and dynamic precipitation. Simultaneously, the barriers imposed by these precipitates and severe
initial deformation were referred to so as to increase the activation energy for creep deformation.

Keywords: high entropy alloy; tensile creep behavior; microstructural evolution; creep mechanism

1. Introduction

High-entropy alloys (HEAs), as a novel type of material generally consisting of five or more
principle elements, have attracted extensive attention in recent years because of their attractive
crystallographic and mechanical properties [1–7]. Although it is anticipated that simple solid solution
phases are easier to form rather than the intermetallic compounds or complex-ordered phases due
to their high configurational entropy [8,9], only a few HEAs have exactly single and stable solid
solution structures, among which CoCrFeNiMn alloy is widely concerned [10–14]. It possesses a single
face-center-cubic (fcc) solid solution phase even after a series of thermomechanical processing [15,16]
and its constituent elements have more sluggish diffusion compared to other conventional alloys [17].
These characterizations contribute to excellent mechanical properties with a satisfactory combination
between tensile strength and ductility [18,19]. Apart from previous investigations mainly focusing
on its temperature dependence of strength [20,21], which provided a fundamental understanding of
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the strengthening mechanism in fcc solid solution HEAs, recent reports have elucidated the thermally
activated process, where dislocation lines overcome nanoscale clusters or short-range orders for
controlling the deformation rate [22,23]. This intrinsic mechanism indicated effective heat-resistance
during high-temperature plastic deformation processes. Owing to the aforementioned sluggish
elemental diffusion, it is optimistic that the CoCrFeNiMn alloy will exhibit a promising perspective in
high-temperature applications.

When referring to high-temperature performance for most alloy systems, creep resistance is
one of the most important standards for service life and safety reliability of engineering structures.
In particular, it is necessary to evaluate the stress exponents and activation energies to demonstrate
the mechanism operative in the power-law creep deformation, as these two parameters are usually
employed to predict the steady-state creep strain. However, only quite limited reports on tensile creep
properties of HEAs at elevated temperatures have been available. The investigation on creep behavior
of AlxCoCrFeNi (x = 0.15, 0.60) alloys using the stress relaxation method [24] demonstrated a lower
creep resistance for higher Al content alloy, which was attributed to the easier dislocation cross-slip due
to its higher stacking fault energy. The high-stress exponent of 8.8 and activation energy of 334 kJ mol−1

were simply explained by the increasing grain boundary in the initial body-center-cubic (bcc) phase.
The dislocation configurations and microstructural evolution were not examined to confirm the
validity of the proposed creep mechanism. Recently, He et al. [25,26] investigated the high-temperature
plastic flow behavior of single-phase FeCoNiMn and precipitation-hardened (FeCoNiCr)94Ti2Al4
HEAs using strain-rate-jump/stress increment tests at different temperatures (750–900 ◦C). In general,
the deformation in these two alloys was divided into two regimes, dependent on the applied strain rate
or testing temperatures. Specifically, the obtained higher stress exponent (6–9) and activation energy
(>600 kJ mol−1) in the latter alloy were proposed to be associated with the strong interactions between
dislocations and coherent precipitates, resulting in a threshold stress term in the flow constitutive
equation [26]. It should be pointed out that the testing temperatures were up to 750–900 ◦C and far
beyond the softening temperature (~600 ◦C) of the investigated alloys [19]. From a scientific view,
the strain-rate-jump or stress increment test method is inadequate using a single specimen at respective
temperatures, as the microstructure during elevated-temperature plastic flow is generally not invariant.
Moreover, such plastic-flow behavior is, to some extent, obviously different from creep deformation
under a constant applied stress. Consequently, it is still necessary to systematically investigate the
intermediate temperature (not higher than 600 ◦C) creep deformation and examine the microstructural
evolution for exploring the intrinsic deformation mechanism of HEAs.

In the present study, the tensile creep tests under constant stress were performed on
multiple fine-grained CoCrFeNiMn HEA specimens in the temperature range of 500–600 ◦C.
Specifically, some tests were interrupted at the steady-state stages and cooled quickly to reserve
the crept microstructures for examining the microstructural evolution. The objective was to reveal
the inherent relationship between microstructural evolution and creep properties of single-phase
CoCrFeNiMn high-entropy alloy.

2. Experimental Procedures

Ingots with a nominal composition of Co20Cr20Fe20Ni20Mn20 (in atomic percentage) were
prepared by vacuum induction melting the constituent elements with at least 99.9 mass % purity under
argon atmosphere. To ensure chemical homogeneity, the ingots were re-melted at least five times and
then drop-cast into a rectangular steel mold with a dimension of 120 × 65 × 10 mm3. The ingots
were homogenized at 1100 ◦C for 24 h in a vacuum, followed by furnace cooling. Cold rolling was
subsequently conducted on these ingots with a reduction of 40% in thickness, with several cross-rolling
steps to ensure flatness. The rolled sheets were eventually annealed at 900 ◦C for 1 h.

Flat dog-boned specimens with a dimension of 25 mm in gauge length and 5.6 mm × 1.5 mm
in cross-section were electric-discharge machined for creep tests. The specimens were mechanically
ground to 2000-grid sand paper to remove surface asperities. Tensile creep tests were conducted
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at temperatures of 500, 550, and 600 ◦C under applied stresses of 140–400 MPa on a CSS-3905
multi-functional testing machine. The temperature was measured with a temperature accuracy
of ±1 ◦C by three thermocouples closely attached to the upper, middle, and lower sections of
the specimen, respectively. The creep strain was continuously measured using a Linear Variable
Differential Transducer (LVDT) extensometer with a strain resolution of ± 0.1 μm. The acquisition
of strain-time data was accomplished by a computer, and data processing was conducted through
a computer program. At least seven applied stress levels were chosen to obtain a wide range of
creep rates for each testing temperature. Several specimens were subjected to interrupted tests at
a steady-state stage and cooled quickly under the load using liquid nitrogen to freeze the structures
produced during creep deformation.

The microstructural observation was conducted using optical microscopy (OM) (AxioImager.A1m,
Jena, Germany) after etching in an aqueous solution of HCl+H2O2+Cu(NO3)2. The phase constitution
was identified by X-ray diffraction (XRD) with Cu-Ka radiation (PANalytical X’pert PRO, Almelo,
Netherlands). Thin foils from the interrupted specimens for transmission electron microscope (TEM)
observations were twin-jet electropolished in an ethanol solution containing 5% perchloric acid
at −25 ◦C and an applied voltage of 35 V. TEM investigations were conducted on a JEOL JEM2100F
microscope operated at 200 kV. Fracture surfaces were examined by a scanning electron microscope
(SEM) (XL30 ESEM, Philip, Netherlands) equipped with an energy-dispersive spectrometer (EDS)).

3. Results

3.1. Initial Microstructures

Figure 1 shows the initial microstructures of the alloy in as-cast and annealed states prior to
high-temperature creep deformation. It is evident that the cast alloy exhibits typical dendritic and
interdendritic structures, caused by the segregation during the quick freezing process in the mold.
After being cold-rolled and recrystallized, equiaxed and homogenous grain structures are obtained with
many annealing twins visible inside the grains. The average grain size is evaluated to be approximately
25 μm. Energy-dispersive spectroscopy (EDS) analyses demonstrate that different grains have almost
identical elemental compositions as Cr = 19.9, Co = 19.9, Fe = 19.9, Ni = 19.8, and Mn=19.5 with a little loss
of Mn due to its slight evaporation at an elevated temperature. As depicted by XRD patterns in Figure 1c,
the alloy consists of a single fcc solid solution phase without precipitates or intermetallic compounds in both
cast and recrystallized states. Furthermore, almost no peak shift is observed in the two states, with a cell
parameter of a = 0.361 nm for the fcc phase. The present results are different from those observed in the
Al0.3CoCrFeNi HEA where precipitation of nanometer scale-ordered L12, B2, and sigma phases occurred in
the case of different thermo-mechanical processing routes [27].

Figure 1. Microstructures of the alloy in different states. (a) As-cast, (b) thermo-mechanical treatment
(cold-rolled and annealed at 900 ◦C for 1 h), and (c) X-ray diffraction (XRD) patterns.
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3.2. Steady-State Creep Deformation Behavior

Figure 2 shows the selected creep curves of the alloy at 500–600 ◦C under different stress levels.
It can be found that each of the individual curves exhibits a rather short primary creep stage and
a relatively long steady-state region where the creep strain increases linearly with time, especially under
lower stress levels. Necking and fracture of the specimens do occur, and hence, a tertiary stage of the
curves is recorded in cases of high stress, where the creep rate accelerates with time until the final
fracture occurs.

 
Figure 2. Selected creep strain versus time at (a) 500 ◦C, (b) 550 ◦C, and (c) 600 ◦C.

It is generally accepted that the steady-state creep rate
.
ε of metallic materials can be correlated

with the applied stress σ using the well-known power-law equation as follows [28]:

.
ε =

AD0Gb
kT

(
b
d
)

p
(

σ

G
)

n
exp(− Q

RT
) (1)

where A is a material-dependent constant, G the shear modulus, b the Burgers vector, D0 the frequency
factor, k the Boltzmann’s constant, T the absolute temperature, d the grain size of polycrystalline
materials, Q the activation energy for creep deformation, and p and n the grain size and stress
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exponents, respectively. The stress exponent n and activation energy value Q are determined according
to Equation (1) by plotting the steady-state creep rate against applied stress on a double logarithmic
scale and the reciprocal of the absolute temperatures 1/T at constant stress levels on a semi-logarithmic
scale, as shown in Figures 3 and 4, respectively. It is evident that the data exhibit two distinct regions.
In the low-stress region (subsequently denoted as LSR-region I), the stress exponent values vary
in the range of 5 to 6, and the average activation energy Q takes a value of 268 kJ mol−1. On the
contrary, in the high-stress region (subsequently denoted as HSR-region II), the stress exponents are
in the range of 8.9–14, and the activation energy is Q = 359–410 kJ/mol with an average value of
380 kJ mol−1. The applied stress at which the transition occurred increased from 200 to 350 MPa,
with the temperature decreasing from 600 to 500 ◦C.

Figure 3. Dependence of creep rates on applied stress showing the transition in stress exponents.

Figure 4. Arrhenius plot of steady-state creep rate versus temperature to determine the activation
energy for (a) low-stress region I and (b) high-stress region II.
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It should be noted that the average activation energy of 268 kJ mol−1 in LSR-region I is only
slightly lower than the range of activation energies for lattice diffusion of the constituent elements
in the alloy (288–317 kJ mol−1 [17]), and thus can be considered to be comparable to the lattice
diffusion of the constituent elements in the alloy. In addition, this value is also quite close to those
(284–333 kJ mol−1) reported for the steady-state flow behavior of this alloy at higher temperatures and
lower stress levels [26]. The two characteristic parameters suggest a dislocation-climb mechanism
operative in LSR. Nevertheless, the abnormally high stress exponent in HSR-region II is obviously
beyond the values of 3 to 5 responsible for the dislocation glide or climb mechanism [29,30] reported
in some Mg [31], Al [32], and Ti [33,34] alloys. The underlying operative mechanism for HSR creep
deformation in the present alloy will be addressed in the following section. In order to eliminate the
influence of temperature on creep rate, the normalized creep rates

.
εkT exp(Q/RT)/G versus the shear

modulus-compensated stresses σ/G were plotted in Figure 5, where activation energies Q were taken
to be 268 kJ mol−1 and 380 kJ mol−1 for region I and region II, respectively, and the shear modulus
G = 85 − 16/(e448/T − 1) [35]. It is evident that almost all data points in the two stress regions at
different temperatures can be represented by a single line with a respective slope of 5.5 and 10.6 for
LSR and HSR. This strongly implies that creep deformation in both regions may be controlled by lattice
diffusion of constituent elements in the alloy. However, it should be noted that the correlation between
.
εkT exp(Q/RT)/G and σ/G in HSR still yields an abnormally high stress exponent.

Figure 5. Normalized creep rate versus shear modulus-compensated stress for (a) low-stress region I
and (b) high-stress region II.

3.3. Crept Microstructures

Figure 6 shows the microstructures of the interrupted samples at different temperatures and
stress levels to illustrate the evolution of grain morphologies. Compared to the initial microstructure
of the alloy, obvious coarsening can be observed when the specimens are subjected to low stress
levels (500 ◦C/200MPa and 600 ◦C/140MPa), as depicted in Figure 6a,d. Similar grain coarsening
phenomena are also visible at intermediate stress levels (500 ◦C/320MPa and 600 ◦C/200MPa) near
the transition stress indicated in Figure 3. However, the volume fraction of small equiaxed grains
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increases at the coarse grain boundaries (indicated by arrows in Figure 6b,e), revealing strong
evidence of the occurrence of dynamic recovery and recrystallization during creep deformation.
Moreover, higher stress levels (500 ◦C/400MPa and 600 ◦C/320MPa) lead to the formation of
completely recrystallized and refined microstructures (Figure 6c,f). The resulting average grain sizes
are statistically evaluated to be approximately 56, 45, and 22 μm at 500 ◦C, whereas 48, 43, and 31 μm
at 600 ◦C under different chosen stress levels.

Figure 6. Optical microstructures showing the evolution of grain morphology after being crept at
(a) 500 ◦C/200MPa, (b) 500 ◦C/320MPa, (c) 500 ◦C/400MPa, (d) 600 ◦C/140MPa, (e) 600 ◦C/200MPa,
and (f) 600 ◦C/320MPa.

The dislocation substructures are shown in Figures 7–9, with selected area electron diffraction
(SAED) patterns inserted to identify the precipitations. In general, the dislocation densities in HSR
were distinctly higher than those in LSR at three testing temperatures. After being deformed at
500 ◦C/200 MPa (LSR), only a few short straight dislocation segments were displayed inside the
grains (Figure 7a), and in particular, several lath-shaped areas were formed with closely-spaced
dislocations arranged (Figure 7b). However, the substructures reveal increasing dislocation activity
in LSR with increasing temperature, as the dislocations are extensively curved or even looped
(Figures 8a and 9a). Apart from the limited number of alignments of pile-ups in Figure 8b, it is
noted that cusped configurations are frequently observed inside grains with the bowed segments on
either side. Such cusped configurations may be attributed to intrinsic pinning due to the occurrence
of jogs along the screw dislocations [34]. In contrast, the dislocations in HSR exhibit a higher density
of configurations. Numerous short straight segments are tangled and tend to form cell substructures
at 500 ◦C/400 MPa (Figure 7c). However, the dislocations at 550 ◦C/360 MPa show a relatively
homogeneous distribution still with high densities of curved dislocations tangling with each other
(Figure 8c). The tangled dislocations at 600 ◦C/320 MPa are severely curved, with a large number of
loops formed in a wide range of sizes (Figure 9c).

Another striking aspect of microstructural evolution relies on the precipitation of dispersoids
during a long-term deformation process at elevated temperatures. On the whole, considerable
precipitates of irregular shape were predominantly observed at the grain boundaries in HSR. The sizes
of these precipitates were within a range of 50–200 nm and increased with testing temperature. In cases
of 500 ◦C/400MPa and 600 ◦C/320MPa (Figures 7d and 9d), quantitative micro-EDS analysis indicates
that the chemical compositions (at. %) of the precipitates take almost identical values of Cr = 26.6,
Mn = 20.2, Fe = 18.9, Co = 17.5, Ni =16.6 (in at. %) and a minor amount of carbon. The SAED
pattern along the [011] zone axis exhibits intense diffraction spots from the fcc matrix, accompanied by
weak spots from the precipitates. The crystal structure of these precipitates is identified as fcc M23C6

carbide with a lattice parameter of 1.06 nm, which is consistent with both the general identifications of

201



Entropy 2018, 20, 960

grain-boundary precipitates in austenitic steel [36] and the second phase observed in coarse-grained
CoCrFeNiMn alloy after being subjected to prolonged exposures at 700 ◦C [37]. The tiny presence of
carbon in the alloy may have originated from either the potential contamination of starting materials,
or the melting system. Nevertheless, as depicted in Figures 8d and 9b for 550 ◦C/360MPa and
600 ◦C/140MPa, the micro-EDS analysis demonstrates chemical compositions (at %) of the precipitates
with Cr = 48.8, Mn = 15.5, Fe = 14.0, Co = 11.5, and Ni = 10.2. The present results are quite consistent
with previous reports for the prolonged annealing CrMnFeCoNi system [38,39], where the precipitates
were identified as a quinary variant of the binary Cr-Fe σ phase. The interplanar spacings are
calculated to be d1/d2/d3 = 0.648/0.402/0.337 nm and show a satisfactory agreement with the values
of d1/d2/d3 = 0.648/0.383/0.330 nm for (110)/(111)/(201) lattice planes in the [112] zone axes for the
σ-FeCrMo phase [40]. Accordingly, the precipitates in the 50 ◦C/360MPa crept alloy are concluded
to be Cr-rich tetragonal σ phase with lattice parameters of a/c = 0.916/0.509 nm. Similarly, the weak
spots along the [221] zone axes in the SAED pattern in Figure 9b are also indicated to be very close to
the Cr-rich σ phase, with lattice parameters of a/c = 0.895/0.473 nm.

Figure 7. Transmission electron microscope (TEM) images of dislocation substructures in the
interrupted specimens after being crept at 500 ◦C under (a) and (b) 200 MPa (low-stress region (LSR));
(c) and (d) 400 MPa (high-stress region (HSR)).

Figure 8. TEM images of dislocation substructures in the interrupted specimens after being crept at
550 ◦C under (a) and (b) 160 MPa (LSR); (c) and (d) 360 MPa (HSR).
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Figure 9. TEM images of dislocation substructures in the interrupted specimens after being crept at
600 ◦C under (a) and (b) 140 MPa (LSR); (c) and (d) 320 MPa (HSR).

3.4. Fractographs

All the fractographs in Figure 10 for HSR from 500 ◦C to 600 ◦C exhibit typical ductile rupture,
where both the width and depth of dimples increase with temperature. However, slip striations
around the dimples become notable at 600 ◦C. Meanwhile, a small number of particles identified as
Mn-containing oxides by EDS are visible on the fracture surfaces, which is attributed to an in-situ
oxidation during fracture process [26]. It is worth noting that the crept samples fracture in a ductile
transgranular manner at high stress, which is contrary to common knowledge, as large amounts
of brittle are generally considered to be destructive to the stability of grain boundaries during the
tertiary creep stage [41,42]. The ductile creep failure may be associated with the dislocation interactions
during high-temperature deformation, which contribute to the progressive generation of vacancies
and nucleation of voids.

 

Figure 10. Microstructural features of the fracture surfaces after being deformed at high stress levels.
(a) 500 ◦C/400MPa, (b) 550 ◦C/360MPa, and (c) 600 ◦C/320MPa.
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4. Discussion

The observed jog configurations are indicative of a dislocation climb process, and thus the
stress-assisted dislocation climb controlled by lattice diffusion may be the operative creep mechanism
of the present high-entropy alloy in LSR. Contrary to LSR, creep deformation in HSR exhibits
abnormally high stress exponents of 8.9–14 and an average activation energy of 380 kJ mol−1.
Combined with the dislocation configurations in Figures 8c and 9c, the same creep mechanism may also
be considered rate-controlling. The unusually high stress exponents and activation energy in several
traditional alloys have been frequently described using the power-law breakdown equation [43–46].
However, no deviation from the linear relationship on double-logarithmic curves of log

.
ε~log σ

were observed, and therefore, the power-law breakdown assumption may be inappropriate for the
present alloy.

It is documented that dynamic recrystallization during the creep process could cause an increase
in the stress exponent [47–49]. Recrystallization is generally accompanied by intense diffusion of
solutes, resulting in a refined-grain microstructure and a larger opportunity for grain boundary sliding.
Under such circumstances, the creep rate would increase with decreasing grain size [50]. As shown
in Figure 6, obvious dynamic recrystallization occurred in the present CoCrFeNiMn alloy in HSR.
In fact, low stacking-fault energy of alloys is conducive to promoting recrystallization [51]. Based on
Equation (1) where p is generally equal to 2 for a dislocation-controlled creep, an increase in the stress
exponent Δn due to dynamic recrystallization is expressed as [47]:

Δn = napp − n =
2 ln(d1/d2)

ln(σ2/σ1)
(2)

where napp is the experimentally measured apparent stress exponent, n is the stress exponent prior to
the occurrence of recrystallization, d1 and d2 denote the average grains size before and after dynamic
recrystallization, and σ1 and σ2 are the corresponding stress levels. Using the relevant evaluated
grain sizes, the Δn values were calculated to be 6.5 and 1.4 for 500 ◦C and 600 ◦C, respectively.
The corresponding modified stress exponents n then fall down to ~7.5. However, this value is still
higher than those for traditional solid solution alloys, which implies that the sole recrystallization is
insufficient and additional mechanisms should be involved to be responsible for the entire increase in
stress exponents.

TEM observations provide clear evidence of dynamic precipitation in HSR. As a result,
precipitation hardening may have contributed to the high stress exponents [25]. In general,
the precipitates are predominantly formed along the grain boundaries and would exert a boundary
obstacle stress σbo, which prevent the annihilation of moving dislocations at the boundaries. The stress
controlling the dislocation velocity is reduced to an effective value obtained by subtracting the stress
necessary for overcoming precipitates from the applied stress. Equation (1) is then replaced by [52,53]:

.
ε =

AD0Gb
kT

(
b
d
)

p
(

σ − σb0
G

)
n

exp(− Q
RT

) (3)

By re-plotting the double-logarithm relationship between
.
ε/ exp(−Q/RT) and (σ − σbo)/G in

HSR, the stress exponents can then be decreased by subtracting the precipitation-hardening portion.
Unfortunately, it is difficult to precisely estimate the values of boundary obstacle stress and the
decrease in the stress exponent, due to the ambiguous interaction between dynamic precipitation and
recrystallization. Nevertheless, combinative effects of precipitation hardening and recrystallization can
provide reasonable insights into the intrinsic reason for the abnormal stress exponents and activation
energy for creep in CoCrFeNiMn alloy. Moreover, the estimated abnormal activation energy in
HSR might also stem partially from precipitation hardening [22]. The nano-sized dispersoids could
effectively fasten the grain boundaries, and thus extra activation energy is needed to overcome the
barriers for recrystallization and further growth of grains. In addition, the samples experience drastic
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plastic deformation in a short time to establish a constant stress state for subsequent creep deformation.
As a result, some grains are severely elongated, which, in turn, exerts an extra influence on increasing
the barriers for dynamic recovery and recrystallization.

5. Conclusions

The intermediate-temperature creep behavior and microstructural evolution of CoCrFeNiMn
HEA have been studied. Optical micrographs and TEM images of the dislocation substructure after
creep deformation revealed the effects of dynamic recrystallization and dynamic precipitation on the
deformation mechanisms. The following conclusions can be drawn:

1. An obvious transition in stress exponent and average activation energy was observed: At low
stresses, the values were approximately 5 to 6 and 268 kJ/mol, whereas at high-stress regions,
the corresponding values were 8.9–14 and 380 kJ/mol. Stress-assisted dislocation climb controlled
by lattice diffusion is suggested as a possible rate-dominating mechanism at low stresses.

2. At high stresses, obvious dynamic recrystallization occurred, leading to the refinement of average
grain size. Simultaneously, nano-sized M23C6 carbides and the Cr-rich tetragonal σ phase
were dynamically precipitated. High density of tangled and curved dislocation substructures
was observed.

3. The anomalously high stress exponent and activation energy in HSR were attributed to the
combinative effects of dynamic recrystallization and precipitation. In particular, the precipitates
act as barriers for dislocation motion via producing boundary obstacle stress, resulting in high
activation energy for creep deformation. However, lattice-diffusion controlled dislocation climb
is still responsible for the deformation mechanism in HSR.
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38. Otto, F.; Dlouhý, A.; Pradeep, K.G.; Kuběnová, M.; Raabe, D.; Eggeler, G.; George, E.P. Decomposition of
the single-phase high-entropy alloy CrMnFeCoNi after prolonged anneals at intermediate temperatures.
Acta Mater. 2016, 112, 40–52. [CrossRef]

39. Zhu, Z.G.; Ma, K.H.; Yang, X.; Shek, C.H. Annealing effect on the phase stability and mechanical properties
of (FeNiCrMn)(100−x)Cox high entropy alloys. J. Alloys Compd. 2017, 695, 2945–2950. [CrossRef]

40. Shen, Y.Z.; Zhou, X.L.; Shi, T.T.; Huang, X.; Shang, Z.X.; Liu, W.W.; Ji, B.; Xu, Z.Q. Sigma phases in an 11%Cr
ferritic/martensitic steel with the normalized and tempered condition. Mater. Charact. 2016, 122, 113–123.
[CrossRef]

41. Han, W.Y.; Yang, G.Y.; Xiao, L.; Li, J.H.; Jie, W.Q. Creep properties and creep microstructure evolution of
Mg-2.49Nd-1.82Gd-0.19Zn-0.4Zr alloy. Mater. Sci. Eng. A 2017, 684, 90–100. [CrossRef]

42. Zhang, Z.; Hu, Z.F.; Tu, H.Y.; Schmauder, S.; Wu, G.X. Microstructure evolution in HR3C austenitic steel
during long-term creep at 650◦C. Mater. Sci. Eng. A 2017, 681, 74–84. [CrossRef]

43. Sherby, O.D.; Burke, P.M. Mechanical behavior of crystalline solids at elevated temperature. Prog. Mater Sci.
1968, 13, 323–390. [CrossRef]

44. Srikant, G.; Marple, B.; Charit, I.; Murty, K. Characterization of stress rupture behavior of
commercial-purity-Ti via burst testing. Mater. Sci. Eng. A 2007, 463, 203–207. [CrossRef]

45. Tanhaee, Z.; Mahmudi, R. The microstructure and creep characteristics of cast Mg–3Si and Mg–3Si–1Gd alloys.
Mater. Sci. Eng. A 2016, 673, 148–157. [CrossRef]

46. Raj, S.V. Power-law and exponential creep in class M materials: Discrepancies in experimental observations
and implications for creep modeling. Mater. Sci. Eng. A 2002, 322, 132–147. [CrossRef]

47. Allameh, S.M. High creep exponents in a nearly-lamellar γ-based titanium aluminide intermetallic.
J. Mater. Sci. 2001, 36, 3539–3547. [CrossRef]

48. Luan, Q.D.; Duan, Q.Q.; Wang, X.G.; Liu, J.; Peng, L.M. Tensile properties and high temperature creep behavior of
microalloyed Ti–Ti3Al–Nb alloys by directional solidification. Mater. Sci. Eng. A 2010, 527, 4484–4496. [CrossRef]

49. Rettberg, L.H.; Pollock, T.M. Localized recrystallization during creep in nickel-based superalloys GTD444
and René N5. Acta Mater. 2014, 73, 287–297. [CrossRef]

50. Ning, Z.L.; Liu, H.H.; Cao, F.Y.; Wang, S.T.; Sun, J.F.; Qian, M. The effect of grain size on the tensile and creep
properties of Mg–2.6Nd–0.35Zn–xZr alloys at 250◦C. Mater. Sci. Eng. A 2013, 560, 163–169. [CrossRef]

51. Stepanov, N.D.; Shaysultanov, D.G.; Yurchenko, N.Y.; Zherebtsov, S.V.; Ladygin, A.N.; Salishchev, G.A.;
Tikhonovsky, M.A. High temperature deformation behavior and dynamic recrystallization in CoCrFeNiMn
high entropy alloy. Mater. Sci. Eng. A 2015, 636, 188–195. [CrossRef]

52. Zhang, J.S.; Li, P.E.; Chen, W.X.; Jin, J.Z. Grain boundary precipitation strengthening in high temperature
creep of Fe-15Cr-25Ni alloys. Scr. Metall. 1989, 23, 547–551. [CrossRef]

53. Li, P.E.; Zhang, J.S.; Wang, F.G.; Jin, J.Z. Influence of Intergranular carbide density and grain size on creep of
Fe-15Cr-25Ni alloys. Metall. Trans. A 1991, 23, 1379–1381. [CrossRef]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

207





entropy

Article

Mechanical Properties and Microstructure of a
NiCrFeCoMn High-Entropy Alloy Deformed at
High Strain Rates

Bingfeng Wang 1,2, Xianrui Yao 2, Chu Wang 2, Xiaoyong Zhang 1,* and Xiaoxia Huang 2

1 State Key Laboratory for Powder Metallurgy, Central South University, Changsha 410083, China;
wangbingfeng@csu.edu.cn

2 School of Materials Science and Engineering, Central South University, Changsha 410083, China;
yaoxianrui@csu.edu.cn (X.Y.); wangchu@csu.edu.cn (C.W.); huangxiaoxiacsu@outlook.com (X.H.)

* Correspondence: zhangxiaoyong@csu.edu.cn; Tel.: +86-731-88876244

Received: 1 October 2018; Accepted: 17 November 2018; Published: 21 November 2018

Abstract: The equiatomic NiCrFeCoMn high-entropy alloy prepared by arc melting has a
single crystallographic structure. Mechanical properties and microstructure of the NiCrFeCoMn
high-entropy alloy deformed at high strain rates (900 s−1 to 4600 s−1) were investigated. The yield
strength of the NiCrFeCoMn high-entropy alloy is sensitive to the change of high strain rates.
Serration behaviors were also observed on the flow stress curves of the alloy deformed at the
strain rates ranging from 900 s−1 to 4600 s−1. The Zerilli–Armstrong constitutive equation can be
used to predict the flow stress curves of the NiCrFeCoMn high-entropy alloy. Large amounts of
deformation bands led to obvious serration behaviors of the NiCrFeCoMn high-entropy alloy under
dynamic loading.

Keywords: high-entropy alloy; electron microscopy; plasticity methods; plasticity; serration behavior

1. Introduction

The concept of multi-component high-entropy alloys (HEAs) has been presented in the beginning
of this century. Most HEAs usually contain five elements with nearly equal atomic ratios [1].
HEAs have excellent mechanical properties, such as low strength and high plasticity [2–12].
From recent literatures, the hardness of FeCoNiCrMn high-entropy alloy has even increased to
6700 MPa [13]. The Al0.6CoCrFeNi high-entropy alloy also displayed the excellent strength–ductility
combination for nanoscale deformation twins induced by dynamic loading and high-density
dislocation substructure [14]. However, the NiCrFeCoMn high-entropy alloy has still been regarded as
a typical case for its single-phase face-centered cubic (FCC) [15] and relative promising mechanical
properties. For example, its yield strength increases with the angle of rotation at high-pressure torsion
(HPT) at room temperature at the cost of reduced ductility [16] and can reach up to 350 MPa when
reducing its grain size [17,18]. Therefore, the NiCrFeCoMn high-entropy alloy prepared by arc melting
can be used to fabricate big parts of industry devices or as the transitional layer between the two
types of alloys, e.g., the HEA solder used for welding pure titanium and chromium–nickel–titanium
stainless steel [19]. At the present time, dynamic impacts are widely found in aeronautical engineering,
the automotive industry, and marine engineering. The as-cast NiCrFeCoMn high-entropy alloy
could be applied to many dynamic deformation processes such as penetration, impact cyclic loading,
and shock loading. Hence, it is vital to comprehend the dynamic behavior of as-cast NiCrFeCoMn
high-entropy alloy under low/high-speed loading and expand its applications.

Many researchers were devoted to investigating the deformation behavior of the high-entropy
alloy at different strain rate levels (1 × 10−8 s−1 to 10 s−1) [20]. From the recent research, serration
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behavior was found in the high-entropy alloy CoCrFeMnNi prepared by powder metallurgy at a low
strain rate of 1 × 10−3 s−1 and the high strain rates (1 × 103 s−1 to 3 × 103 s−1) [21]. Serration behavior
was supposed to be associated with Cottrell atmosphere interaction with moving dislocations, slip
bands, and dynamic strain aging, i.e., the dynamic breakaway/locking of dislocations from/by mobile
solute atoms at intermediate temperatures. Until now, only several researches on dynamic behavior of
high-entropy alloys under high strain rates (beyond 1 × 103 s−1) have been published. Kumar et al. [22]
had investigated the strain-rate sensitivity of yield strength for the Al0.1CrFeCoNi high-entropy
alloy under high strain rates. Li et al. [23] had also suggested that the Al0.3CoCrFeNi high-entropy
alloy exhibits high strain-rate sensitivity. Dirras et al. [24] had found that the Ti20Hf20Zr20Ta20Nb20

high-entropy alloy would be strongly localized under deformation at high strain rates. He et al. [25]
had discussed the strain-rate sensitivity effect for the FeCoNiCrMn high-entropy alloy and found a
higher strain-rate sensitivity of 0.022 than that of traditional FCC metals. Park et al. [26] had even
found that the strain-rate dependency of the yield strength under dynamic conditions would be much
higher than that under quasi-static conditions. However, the mechanism of the special phenomenon
for the high-entropy alloy deformed at high strain rates (beyond 1 × 103 s−1) is not clear yet. Serration
characteristics are ubiquitous in many structural and functional materials such as high-entropy alloy
(AlCoCr1.5Fe1.5NiTi0.5, Al0.3CoCrFeNi etc.). It would lead to the instability of mechanical properties.
By studying the serration behavior, it may be possible to have an early warning signal for oncoming
epileptic seizures and perhaps economic trends.

In the present work, we used the split-Hopkinson pressure bar to investigate the dynamic
mechanical behavior of NiCrFeCoMn high-entropy alloy prepared by arc melting. The aims are:
(1) To report the mechanical properties and microstructure under dynamic loadings, (2) to obtain the
plastic model, and (3) to discuss the microstructural mechanism for the serration behavior when the
alloy deforms at high strain rates.

2. Experiments and Procedures

The material was prepared by arc melting and the chemical composition is given in Table 1.
Figure 1 shows the optical micrograph of the initial microstructure of the sample. The obtained
specimen exhibits an as-cast dendrite structure and the columnar crystals are distributed evenly.
Elemental scanning results in Figure 2 show the distribution of each element evenly in the alloy.
From the XRD pattern shown in Figure 3, it can be found that the NiCrFeCoMn high-entropy alloy is
composed of a simple FCC solid solution.

Table 1. Chemical composition of the NiCrFeCoMn high-entropy alloy.

Elements Cr Mn Fe Co Ni

wt.% 16.42 18.06 21.64 21.71 22.18
at.% 17.76 18.49 21.79 20.72 21.24

Figure 1. Optical micrograph of the as-cast NiCrFeCoMn alloy.
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Figure 2. Element planar pattern of the as-cast NiCrFeCoMn alloy.

Figure 3. The XRD pattern of the as-cast NiCrFeCoMn alloy.

In this investigation, cylindrical specimens were used for mechanical testing. To ensure uniaxial
compressive condition, the end faces of the compressive specimens were ground on each side with SiC
paper. During the process of the impact loading and the electrical signal collection, we had adopted
advanced waving plastic and anti-jamming techniques. Two kinds of compressive tests were adopted
to do mechanical testing at an ambient temperature (298 K) as follows: (1) Quasi-static compressive
tests were performed with an INSTRON 3369 machine at the strain rate of 1 × 10−3 s−1, (2) dynamic
compressive tests were performed with a split-Hopkinson pressure bar at the strain rates of 900 s−1,
1700 s−1, and 4600 s−1. The cylindrical specimens had three diameters. Specimens for the strain rate
of about 900 s−1 had a height of 8.4 mm and diameter of 6 mm, for the strain rate of about 1700 s−1

they had a height of 5.6 mm and diameter of 4 mm, and for the strain rate of about 4600 s−1 they
had a height of 2.8 mm and diameter of 2 mm. The strain rate, the true strain, and the true stress of
cylindrical specimens can be obtained by the following equations:

.
ε = −2C0

LS
εr(t), (1)

ε = −2C0

LS

∫ t

0
εr(t)dt, (2)

ε = −2C0

LS

∫ t

0
εr(t)dt, (3)

where E0 and C0 are elastic modulus and elastic wave speed in a split-Hopkinson pressure bar, A0 is
the cross-sectional area of the bar, As and Ls are the cross-sectional area and the length of the cylindrical
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specimens, and εr(t) and εt(t) are the experimentally measured strain of incident and transmitted stress
pulse on the split-Hopkinson pressure bars respectively.

Cylindrical specimens were sectioned to two halves along the impacting axis by line cutting.
Afterwards, the half sections were polished with the etchant of 50 mL hydrochloric acid, 50 mL
water, and 10 g CuSO4·5H2O. Samples were cured and ground using SiC papers. Polishing steps
were employed by using diamond pastes and polishing cloths. A mixture solution of 90% acetic
acid and 10% perchloric acid at room temperature and at an applied voltage of 27 V for 15 s
was then used for electro-polishing. Optical microscopy was performed with a POLYVAR-MET
microscope. The crystallographic structure was identified by X-ray diffraction (Rigaku D/MAX-2500
X-ray diffractometer, Rigaku Corporation, Tokyo, Japan) using a Cu target at an operating voltage of
40 kV and current of 250 mA. Electron backscatter diffraction (EBSD) patterns were collected using a
ZEISS EVOMA10 scanning electron microscope (SEM, Carl Zeiss SMT Ltd., Cambridge, UK) equipped
with a detector and operated at an accelerating voltage of 20 kV. The working distance for SEM is about
10 mm. Transmission electron microscopy (TEM, Royal Philips, Amsterdam, Netherlands) observations
were carried out with a Tecnai G2 T20 ST transmission electron microscope operated at 200 kV.

3. Results

Figure 4 presents the true stress–strain curves of the NiCrFeCoMn high-entropy alloy. It can
be seen that the yield strength of the NiCrFeCoMn high-entropy alloy increased from 490 MPa to
800 MPa, with the strain rates varying from 900 s−1 to 4600 s−1. The flow stress curves are likely
smoothed when the specimens are deformed at the strain rate of 0.001 s−1 at an ambient temperature
(298 K). However, the serrations appeared on the flow stress curves of the specimens deformed at high
strain rates (e.g., 900 s−1, 1700 s−1, and 4600 s−1). Furthermore, with the increasing of the strain rates,
the serrations on the flow stress curves became more serious.

Figure 4. Compressive true stress–strain curves of the NiCrFeCoMn high-entropy alloy at different
strain rates.

The EBSD technique was used to investigate the microstructure and the micro-orientation of a
NiCrFeCoMn high-entropy alloy. Figure 5a–c are the electron backscattered diffraction images of
the as-received specimen, the specimen deformed at the strain rate of 0.001 s−1, and the specimen
deformed at the strain rate of 4600 s−1. First, the noise of the images was reduced. Then, to Figure 5b,c
were added a layer of full Euler angles after adding a layer of band contrast. The size of the Kuwahara
filter was 3-pixel points × 3-pixel points and the smoothing angle was 5◦. Among them, high-angle
boundaries (60◦) were marked with black lines. It is evident that the alloy in the as-cast condition
consisted of grains on the order of micrometers in size. A visual comparison of Figure 5b,c suggests a
higher density of high-angle boundaries in the specimen deformed at a high strain rate of 4600 s−1

compared to the specimen deformed at a low strain rate of 0.001 s−1. Further, the intensive deformation
bands were generated in the specimen deformed at a high strain rate of 4600 s−1, as shown in Figure 5c.
Therefore, the obvious serrations in flow stress curves of the specimen deformed at high strain rates
are caused by the intensive deformation bands.

212



Entropy 2018, 20, 892

  
(a) (b) 

 
(c) 

Figure 5. Electron backscattered diffraction images. (a) the Euler image of the as-received specimen;
(b) the Euler+BC image of the deformed specimen at the strain rate 1 × 10−3 s−1; (c) the Euler+BC
image of the deformed specimen at the strain rate 4600 s−1.

Bright field electron images taken for the specimens deformed at strain rates of 1700 s−1 and
4600 s−1 are shown in Figure 6. Figure 6a,c show the high-density dislocations and deformation bands
that were formed in the NiCrFeCoMn high-entropy alloy. These deformation bands were distributed
in parallel. The deformation band consisted of nanograins, as shown in Figure 6b,d. Comparing
Figure 6a,b and Figure 6c,d, the parallel deformation bands were more clear when the specimen was
deformed at relative lower strain rates as shown in Figure 6a,c, and the sizes of the nanograins in the
specimens under a strain rate of 1700 s−1 were larger than those in the specimens deformed at a strain
rate of 4600 s−1.

  
(a) (b) 

Figure 6. Cont.
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(c) (d) 

Figure 6. Bright field electron images showing microstructure in the specimens deformed at high strain
rates. (a) and (b) are for the specimen deformed at the strain rate of about 1700 s−1 (c) and (d) are for
the specimen deformed at the strain rate of about 4600 s−1.

4. Discussion

4.1. The Constitutive Model and Strain-Rate Sensitivity

The main dynamic constitutive equations are the Johnson–Cook and Zerilli–Armstrong plastic
models. Among them, the Johnson–Cook model is the most widely used for its relative simple
expression. It can be represented as follows [27,28]:

σ = (A + Bεn)

[
1 + C ln

( .
ε
.

ε0

)][
1 −

(
T − Tr

Tm − Tr

)m]
, (4)

where A, B, and C are material constants, σ and ε are the flow stress and the equivalent plastic
strain respectively,

.
ε and T are the equivalent plastic strain rate and the experimental temperature

respectively, and Tr and Tm are the reference temperature (usually room temperature) and the melting
point, respectively.

The dislocation mechanism is important for studying the plastic deformation of metallic
materials under dynamic deformation. Therefore, the Zerilli–Armstrong plastic model improves the
Johnson–Cook model on the basis of dislocation mechanism [29]. In this work, the Zerilli–Armstrong
plastic model was used for predicting the strain rate flow behavior of the as-cast NiCrFeCoMn
high-entropy alloy. It can be represented as follows:

σ = C0 + C1 × εP × exp
[
−C2T + C3T ln

( .
ε
.

ε0

)]
, (5)

where C0, C1, C2, C3, and P are material constants. Note that T is 298 K.
Taking initial values of the Johnson–Cook model as follows: A = 1, B = 4, C = 100, n = 1, then

the parameter values and the constitutive relation of stress-strain with strain rate could be obtained
by using the MATLAB program (Version 7.0). Therefore, the constitutive equation based on the
Johnson–Cook plastic model can be obtained as follows:

σ =
(

0.6039 + 4.81ε1
)[

1 + 121.6 ln
( .

ε
.

ε0

)]
. (6)
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As above, taking initial values of the Zerilli–Armstrong model as follows: C0 = 400, C1 = 9 × 105,
C2 = 0.01, C3 = 0.001, P = 0.5, then the constitutive equation based on the Zerilli-Armstrong plastic
model can be obtained as follows:

σ = 473.3 + 9.3 × 105 × ε0.5 × exp
[
−0.0415T + 0.0026T ln

( .
ε
.

ε0

)]
. (7)

Figure 7 shows the comparison of the calculated results obtained from Equations (6) and (7) and
the experimental data of the NiCrFeCoMn high-entropy alloy specimens. It can be seen that the results
predicted by the Zerilli–Armstrong plastic model are in better agreement with the experimental results.

Figure 7. Comparison between the experimental results and the stress calculated by the Johnson–Cook
and the Zerilli–Armstrong plastic models at 298K.

Figure 8 shows the yield strength vs. strain rate curves of the as-cast NiCrFeCoMn high-entropy
alloy as a function of strain rate at ambient temperature. The strain-rate sensitivity is defined as follows:

m =
d(log σ)

d
(
log

.
ε
) . (8)

Notice that the yield strength distributes from 200 MPa to 800 MPa and the slope of the tangent
for the curve is increasing with the increase of strain rates. Therefore, the as-cast NiCrFeCoMn
high-entropy alloy has distinguished strain-rate sensitivity at high strain rates.

Figure 8. The yield strength vs. strain rate curves of the NiCrFeCoMn high-entropy alloy [30,31].

He et al. [32] studied the stress exponent (the reciprocal of strain rate sensitivity) of the
NiCrFeCoMn high-entropy alloy deformed under strain rates less than 10−2 s−1. He found that

215



Entropy 2018, 20, 892

the stress exponent was in a positive relationship with the strain rates. When the strain rate ranged
from 3.205 × 10−5 to 8.013 × 10−4 s−1, the stress exponent increased simultaneously. Moon et al. [33]
also studied the strain rate sensitivity at the elevated temperature and the cryogenic temperature,
respectively. The results showed that the flow stress at 77 K was higher than that at room temperature.
Therefore, the strain rate sensitivity of the flow stress at RT was higher than that at 77 K under strain
rates less than 1 × 10−2 s−1. The following formula can explain this phenomenon:

V∗ =
√

3kT
∂ ln

.
ε

∂σ
, (9)

where k is the Boltzmann constant and V* is activation volume.
The NiCrFeCoMn high-entropy alloy had positive activation volume at strain rates less than

1 × 10−2 s−1. However, when the specimen deformed under high strain rates (beyond 1 × 103 s−1),
the deformation time was very short. There was not enough time available for thermal energy to help
dislocations overcome the barriers. The NiCrFeCoMn high-entropy alloy had a different deformation
mechanism at dynamic loading. According to the literature [22], the large jump in yield strength at high
strain rates is probably due to the phonon drag effect on the motion of dislocations. The phonon drag
phenomenon becomes very effective during plastic deformation at high strain rates [22]. A phonon
is an elastic lattice vibration propagating in a crystal [26]. The viscous drag generating from the
interaction of the dislocations has negative impacts on the deformation progress. The drag effects by
the phonons can be ignored under quasi-static conditions for low dislocation velocities. However, high
dislocation velocities under high strain rates would enhance the phonon drag effects greatly and lead
to phonons scattering, which also hinders dislocation movement. Therefore, the dynamic deformations
lead to a much higher strain rate dependence of the flow stress than those under quasi-static conditions.

4.2. Mechanism for the Serration Behavior

High-entropy alloys present serrations on the flow stress curves during the plastic deformation,
often at a normal strain rate around 1 × 10−4 s−1 or at low temperatures. Serration behavior exhibits
in the stress-strain curves of the Al0.5CoCrCuFeNi high-entropy alloy at 7 K, 7.5 K, and 9 K at a
strain rate of 4 × 10−4 s−1 [19]. The Al5Cr12Fe35Mn28Ni20 high-entropy alloy exhibits typical serration
behaviors at the elevated temperatures of 573 K and 673 K, with a strain rate of 1 × 10−4 s−1 [34].
Several microstructure mechanisms are proposed to explain the serration behavior, e.g., the Portevin-Le
Chatelier (PLC) effect. Serration behavior was supposed to be associated with Cottrell atmosphere
interaction with moving dislocations, slip bands, and dynamic strain aging. In Figure 4, it can be
seen that the stress-strain curves of the as-cast NiCrFeCoMn high-entropy alloy deformed at a strain
rate of 1 × 10−3 s−1 show no serrations, and marked serrations are present on the stress-strain curves
of specimens deformed at strain rates above 900 s−1. With increasing strain rates, amplitudes of the
serrations on the stress-strain curves become much larger. Investigations on the microstructure
in the as-cast NiCrFeCoMn high-entropy alloy show that the high density dislocations and the
deformation bands are generated in the specimens deformed at high strain rates, shown in Figures 5
and 6. The Portevin-Le Chatelier effect, i.e., Cottrell atmosphere interaction with moving a simple
dislocation structure, may not be the main reason for the serration behavior of the as-cast NiCrFeCoMn
high-entropy alloy becoming deformed at dynamic loadings. On the other hand, if the dynamic
deformation becomes more serious and the value of the strain rate increases, deformation bands are
generated in the as-cast NiCrFeCoMn high-entropy alloy and the amplitudes of the serrations on the
stress-strain curves become much larger. Therefore, large amounts of the deformation bands, leading to
the serration behaviors, play an important role for the mechanical properties of the high-entropy alloy.

5. Conclusions

The as-cast equiatomic NiCrFeCoMn high-entropy alloy has a simple FCC crystallographic
structure. Serration behavior is observed in the stress- strain curves of the as-cast NiCrFeCoMn
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high-entropy alloy deformed at dynamic loadings. The yield strength of the high-entropy alloy,
which distributes from 490 to 800 MPa, presents a positive relationship with the strain rates.
The Johnson–Cook plastic model and the Zerilli–Armstrong plastic model of the NiCrFeCoMn
high-entropy alloy are obtained. However, the results predicted by Zerilli–Armstrong correspond
better with the experimental results. The serration behavior of the NiCrFeCoMn high-entropy alloy
at a high strain rate is sensitive to the strain rates. The high density of deformation bands plays an
important role in the deformation behavior and mechanical properties of the as-cast NiCrFeCoMn
high-entropy alloy deformed at dynamic loadings.
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Abstract: The bulk high-entropy alloys (HEAs) exhibit similar deformation behaviours as traditional
metals. These bulk behaviours are likely an averaging of the behaviours exhibited at the nanoscale.
Herein, in situ atomic-scale observation of deformation behaviours in nanoscaled CoCrCuFeNi
face-centred cubic (FCC) HEA was performed. The deformation behaviours of this nanoscaled
FCC HEA (i.e., nanodisturbances and phase transformations) were distinct from those of nanoscaled
traditional FCC metals and corresponding bulk HEA. First-principles calculations revealed an obvious
fluctuation of the stacking fault energy and stability difference at the atomic scale in the HEA.
The stability difference was highlighted only in the nanoscaled HEA and induced unconventional
deformation behaviours. Our work suggests that the nanoscaled HEA may provide more chances to
discover the long-expected essential distinction between the HEAs and traditional metals.

Keywords: nanoscaled high-entropy alloys; nanodisturbances; phase transformations; atomic-scale
unstable

1. Introduction

Traditional alloys, such as steels and copper alloys, are fabricated based on one or two principle
constituent elements. Yeh et al. [1] proposed the concept of high-entropy alloys (HEAs) that provides a
novel basis to design new alloys. These HEAs are composed of multi-principle elements at equiatomic
or near-equiatomic ratios, distinguishing them from traditional alloys. Consequently, the deformation
behaviours of HEAs are believed to be different from traditional alloys [2], but no convincing
experiments have yet been reported to show an essential distinction of the plastic deformation
behaviours between HEAs and traditional metals. On the contrary, most previous results in bulk HEAs
have shown similar scenarios with traditional metals, in which the plastic deformation is primarily
carried by dislocations or twins [3–5]. The underlying mechanisms of macroscopic mechanical responses
are essentially the collective behaviours of atomic-scale configurations. Therefore, the physical processes
during alloy deformation exhibit no remarkable features if the salient atomic configuration details
are essentially blurred and only the average effect can be measured and observed [6,7]. As expected,
such macroscopic deformation behaviours are generally controlled by only a few key parameters such as
the elastic moduli, the stable and unstable stacking fault energies (SFEs), the microstructure parameters
and the temperature.
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Close observation at the nanoscaled regime where discrete plasticity dominates may uncover the
essential features that distinguish the HEAs from traditional alloys. Extensive investigations using
in situ high-resolution transmission electron microscopy (HRTEM) have revealed some interesting
deformation behaviours of nanoscaled pure metals [8–17]. Size-dependent behaviours have thus been
uncovered such as the reversible deformation twinning and detwinning processes found in nanoscaled
W samples [12] and the dislocation-originated stacking fault tetrahedra in nanoscaled Au samples [13].
Meanwhile, surface-mediated plasticity deformation behaviours have frequently been observed such
as the partial dislocations emitted from the surface in sub-10 nm-sized Au [14] and the liquid-like
deformations in sub-10 nm-sized Ag nanoparticles [15]. It would be interesting to determine whether
nanoscaled HEAs behave similarly in the discrete plasticity regime, in contrast to their collective
behaviour. The face-centred cubic (FCC) HEA CoCrCuFeNi is a typical HEA which was proposed
in the earliest paper about the concept of HEA [1]. Numerous research papers related to HEAs were
applied in CoCrCuFeNi from then. Therefore, CoCrCuFeNi was taken as a model HEA to reveal the
obscured potential high-entropy effect on plastic deformation behaviours at the nanoscale in this work.

2. Materials and Methods

The CoCrCuFeNi button ingots were prepared by melting high-purity Co, Cr, Cu, Fe and Ni at
equiatomic ratios in a vacuum arc furnace. During specimen preparation, the ingot was first sliced into
a rod of 0.25 × 0.25 × 10 mm3 in dimension. Firstly, we employed a tungsten carbide cutter to make a
pair of gaps on the surface of the rod. Then, we used a plier to pull this rod apart in the long dimension
and then led to the formation of fresh triangular nano-tips on the fractured surface, which served as the
specimens for the in situ TEM experiments (Figure S1 in supplementary). A JEM-2100F field emission
TEM equipped with a Nanofactory TEM-scanning tunnelling microscope (STM) sample holder was
used in the in situ TEM experiments. Two fractured ends exhibiting nano-tips were mounted on the
sample holder, with one at the fixed end of the holder and the other at the piezo-manipulator end
(Figure S2 in Supplementary Materials). One nano-tip could thus be driven to touch the other nano-tip
on the counter fractured surface, guided by the piezo-actuated nanoscaled manipulator. A nanoscaled
welding joint 10–30 nm in size could then be formed instantly via pulsed joule heating. Uniaxial
tensile stress could be applied by step-by-step retraction via the nano-manipulator. This method
essentially furnished the fabrication, mechanical testing and easily atomic-resolution observation of
the nanoscaled HEA. The structure of the nanoscaled HEA fabricated by this method is shown in
Figure S3. The crystalline interplanar spacing of the (111) plane is 2.07 Å in the obtained nanoscaled
HEA, i.e., its lattice parameter is 3.59 Å. This is consistent with the reported lattice parameter (3.579 Å)
of the bulk CoCrCuFeNi [1,18]. This shows that the structure of the nanoscaled HEA is not affected by
the process of preparation. Meanwhile, there is no oxide layer on the surface of the nano-tips before
the fabrication of the nanoscaled samples, as shown in Figure S4, which indicates that there is no
impact of the oxide layer on the deformation behaviours (These nano-tips were exposed to air for only
a few minutes.). The energy dispersion spectrum (EDS) mapping results are shown in Figure S5, which
indicates that the constituent elements distribute uniformly in the nao-tip (EDS hardly displays the
details of composition in several-atoms scale, even the atomic resolution EDS only gives the statistical
chemical composition of each atom column in planar view).

The first-principles calculations were performed using the Vienna ab initio simulation package
based on density functional theory, wherein all of the HEA samples were relaxed to the energy precision
of 0.01 meV. The SFE was calculated with Esf = (Efault − Eperfect)/A, where Eperfect and Efault are the
free energy of perfect and faulted structures, respectively; and A is the area of each layer. The structure
with one layer fault was obtained by a rigid displacement between two adjacent layers, where the
magnitude was equal to that of the Burgers vector, bp = 1/6<112>.
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3. Results

3.1. Nanodisturbances

Figure 1a displays a nanoscaled HEA during in situ straining in the TEM (Vedio S1 in Supplementary
Materials), where the loading direction (LD) is around [311] and the beam zone is [011]. The deformed
nanoscaled HEA contains several dislocations. The deformation of this nanoscaled HEA is closely
related to the behaviours of dislocations. Dislocation cores are labelled in Figure 1 by “⊥”, and an
enlarged image of a dislocation core is shown in Figure 1b. According to the analysis of the Burgers
circuit, these are full dislocations with b = 1/2[101]. Some of the dislocations (circled in Figure 1a)
appear in pairs and are thus dislocation dipoles, seen in an enlarged image in Figure 1c. Using in
situ HRTEM, we could dynamically observe the evolution of these dislocation dipoles. Figure 1d–f
show inverse fast Fourier transform (IFFT) images of the one-dimensional {111} plane fringes in the
area around a dislocation dipole. At t = 20 s, the circled area exhibited a distorted lattice which was
induced by high stress in the nanoscaled HEA. At t = 20.5 s, a dislocation dipole pair was produced
in the distorted area. Under stress driving, the dislocation dipole was observed to expand along the
(111) slip plane at t = 21 s. This deformation mode could be called nanodisturbance, which has been
proposed on body-centred cubic (BCC) “gum metal” by Gutkin et al. [19]. This kind of dislocation
dipole nucleation and expansion could act as a mechanism of dislocation multiplication during the
deformation process of the nanoscaled HEA.

Figure 1. The nanodisturbances in the nanoscaled high-entropy alloy (HEA). (a) deformed nanoscaled
HEA sample containing several dislocations (Beam // [011], loading direction (LD) ≈ [311]);
(b) analysis of the Burgers vector; (c) enlarged image of the dislocation dipole; (d–f) Inverse fast
Fourier transform (IFFT) images of the one-dimensional {111} plane fringes showing the formation and
expansion of the dislocation dipole.

3.2. Phase Transformation

Figure 2a–c shows the tensile process of a nanoscaled HEA sample (Video S2 in Supplementary
Materials), where the LD is around the [311] and beam zone is [011]. Figure 2e–g show enlarged images
corresponding to the areas in red squares in Figure 2a–c, respectively. As shown in Figure 2e, the crystal
lattice exhibits clear characteristics of a FCC structure; i.e., the angle between two close-packed planes
in the {111} family is 70.5◦. As the nanoscaled HEA continues to be stretched, the angles between two
{111} planes reduce to 64◦ at t = 104 s (Figure 2f), and then to 60◦ at t = 384 s (Figure 2g). The angle
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of 64◦ indicates that the lattice structure deviates from the original FCC structure notably. The angle
of 60◦ represents a typical BCC structure with a [111] zone. Figure 2d plots the angles between
the close-packed planes in the red square areas of Figure 2a–c as a function of time under stress,
where the angle exhibits a slow and successive transition from ~70◦ to ~60◦. The change of the
angle corresponds to the transition that the initial FCC lattice transforms to BCC lattice during in
situ tension. The resultant orientation relationship between the FCC and BCC agrees with the K–S
relationship, i.e., [011]FCC // [111]BCC, (111)FCC // (110)BCC. The transformation process could
be explained by K–S model. The FCC lattice sheared 19.5◦ along the <112>FCC direction on the
{111}FCC plane and sheared 10.5◦ along the <110>FCC direction on the {112}FCC plane. Therefore,
the stress-induced FCC→BCC transition realized and the BCC lattice formed. The slow and successive
transformation was believed to relate with the high lattice friction in HEAs [20–22], the transformation
dislocations slip and lattice shear more slowly in HEAs compared to the traditional abrupt Martensitic
transformation. Such stress-induced FCC→BCC transition has a good reproducibility, and Figure S6
shows another example.

 

Figure 2. The phase transformation from face-centred cubic (FCC) to body-centred cubic (BCC) in
the nanoscaled HEA. (a–c) elongation process of the nanoscaled sample (Beam // [011], LD ≈ [311]);
(d) variation of the angle between two close-packed planes in the red square area during in situ tension;
(e–g) High-resolution transmission electron microscopy (HRTEM) images of the red square zones in
(a–c), respectively.

3.3. Fluctuation of Stacking Fault Energy

The SFE is one of the most significant parameters determining the deformation behaviours of
alloys, and is closely related to phase transformation and structural stability. Herein, we employed
first-principles calculations to determine the SFE of this HEA, and the results of 52 independent SFE
calculations are shown in Figure 3a. These results exhibit a fluctuant distribution of the SFE in HEA,
where the SFE value covers a wide range and even is negative. The negative SFE values indicate that
some of the HEA atomic configurations are unstable. The instability seems to be strongly correlated
with the non-uniform distribution of atoms. As an example, we analyze a typical calculation sample
illustrated in Figure 3b and find that the atoms in the dashed boxes (also seen in Figure 3c,d) are not a
uniform distribution of all kinds of elements in CoCrFeNiCu. Some areas have more Co and Cr atoms
and less Cu atoms (Figure 3c), which leads to a negative SFE of −24 mJ/m2. Some areas have more Cu
atoms and less Co and Cr atoms (Figure 3d), which leads to a SFE as high as 109 mJ/m2. We conclude

224



Entropy 2018, 20, 778

that the elemental inhomogeneity at the atomic scale leads to SFE difference in local, and the fluctuant
distribution of the SFE induces a stability difference at atomic-scale. However, such fluctuant SFE
is averaged in the bulk HEAs, the atomic-scale stability difference is also blurred. The small-scaled
sample size may highlight such atomic details.

Figure 3. The fluctuant distribution of the stacking fault energies (SFEs). (a) the SFEs of 52 independent
calculations; (b) typical structure of a calculation sample; (c) atomic configuration producing a negative
SFE of −24 mJ/m2 from the upper dashed box in (b); (d) atomic configuration producing a high SFE of
109 mJ/m2 from the lower dashed box in (b).

4. Discussion

In such in situ HRTEM experiments, the effects of electron beam on the nanoscaled samples
should be verified and eliminated. Although the CoCrCuFeNi HEA was verified to be stable under
the severe electron irradiation [23], all in situ experiments are still performed under the weak electron
beam for minimizing the effect of electron irradiation. Meanwhile, our verification experiments
(see Supplementary Figure S6) and theoretical estimation (see Appendix A) confirm the negligible
influence of electron irradiation on the in situ experiments.

Nanodisturbances could be an effective mechanism for dislocation multiplication, and the
process of nanodisturbances evolving into dislocation dipoles has been observed in the BCC
gum metal [19,24]. However, there has not yet been any experimental observation of this novel
dislocation-generating mechanism for FCC structure metals. Some theoretical calculations have
investigated the nanodisturbance phenomenon in Au and Cu nanowires [25,26], indicating that the
nanodisturbance deformation mode could dominate over traditional dislocation generation at high
stresses and 0 K. Obviously, the temperature condition of 0 K was not satisfied in this work. However,
we still observed the nanodisturbance deformation mode in FCC HEAs for the first time. The high-level
stress in nanoscaled samples and the intrinsic features of HEAs both play significant roles on the
occurrence of the nanodisturbances. On the one hand, we observed nanodisturbance in the nanoscaled
FCC HEA at the relative loose condition (at room tempreture). On the other hand, nanodisturbance is
hardly observed in the bulk HEAs because of the relative low stress level in the bulk HEA. Furthermore,
we believe that it is the nanoscaled size that triggers the emergence of the intrinsic features of the HEA.

The previous works showed that there are no phase transformation during the deformation
process [27]. However, herein we observed the FCC→BCC transformation in nanoscaled CoCrCuFeNi
HEA. A similar transformation from FCC to body-centered tetragonal (BCT) has been observed
in nanoscaled fractured Au [14,28], where the phase transformation therein was considered to be
stimulated by the relaxation of surface stress. The surface stress has an inverse relationship with
the sample size, and thus surface stress of a nanoscaled sample is sufficiently high to stimulate a
transformation. However, in this study, the phase transformation in the nanoscaled HEA occurred
before fracturing, and thus the surface stress had not been completely released. Therefore, the cause of
phase transformation in the nanoscaled HEA is not solely surface stress, but an important role may
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also be played by the unstable nature of nanoscaled HEA. The combined effect of high surface stress
and an unstable nature, therefore, stimulates the occurrence of the phase transformation.

Both nanodisturbances and phase transformations are not regular deformation behaviours in bulk
CoCrCuFeNi HEA. These unconventional deformation behaviours observed in nanoscaled HEA are
believed to be related to atomic configuration details present at such a small scale. Our first-principles
calculations could well illuminate the unconventional deformation behaviours in such nanscaled
HEAs. The first-principles results show that the elemental inhomogeneity at the atomic scale leads
to SFE difference in local, and the fluctuant distribution of the SFE induces a stability difference of
atomic-scale HEA. However, the entire structure averaged in the bulk HEA possesses a constant SFE.
The stability difference can be outlined and plays a dominant role only when the sample dimensions
reach the nanoscale. At that time, nanoscaled HEA exhibits deformation behaviours different with bulk
counterparts. We further speculate that the nanoscaled HEA provides more of a chance to discover the
long-expected essential distinction between the HEAs and traditional metals.

Besides the FCC HEAs, the BCC and hexagonal close-packed (HCP) HEAs may also possess some
distinct characteristic physical properties but are blurred in bulk. It is worth investigating the other
nanoscaled HEAs with various structures in future research to reveal the essential distinction between
the HEAs and traditional metals.

5. Conclusions

In summary, we employed in situ HRTEM to investigate the deformation behaviours of nanoscaled
HEA. Unconventional deformation behaviours (i.e., nanodisturbances and phase transformations)
were observed in the nanoscaled HEA. The first-principles calculations revealed obvious fluctuant
distribution of the SFE at atomic scale, which was resulted from the elemental inhomogeneity. The SFE
fluctuation leaded to stability difference at the atomic scale, which plays a dominant role in the
deformation of the nanoscale sample but tiny roles in bulk counterparts. The nanoscaled HEA provided
a chance to highlight the stability difference and therefore exhibited unconventional deformation
behaviours. Our investigations reveal some HEA features and are significant for understanding the
nature of HEA.

Supplementary Materials: The following are available online at http://www.mdpi.com/1099-4300/20/10/
778/s1, Figure S1: The nano-tips on the fractured surface, Figure S2: Two teared parts with nano-tips are
mounted on a Nanofactory transmission electron microscope (TEM)-scanning tunnelling microscope (STM) TEM
holder, Figure S3: The structure keep unchanged during the preparation process, Figure S4: The high-resolution
TEM image of the nano-tip, Figure S5: The verification experiments about the effects of electron irradiation,
Video S1: Nanodisturbances deformation mode in the nanoscaled HEA, Video S2: Phase transformation in the
nanoscaled HEA.
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Appendix A. Theoretical Estimation of the Effects of Electron Irradiation

The effects of electron irradiation could be divided into two aspects, i.e., knock-on displacement
and heating effect. We could not observe any surface diffusion or atoms hopping occurs in the absence
of external force. Therefore, the knock-on displacement driven by electron irradiation has no influence
on the nanoscaled samples. For the heating effect, the estimation was based on the Fisher’s model [29]
and the Bethe–Bloch equation [30]. Herein, the nanoscaled samples are all with a certain thickness

226



Entropy 2018, 20, 778

(~10 nm), and exposed at the weak beam intensity. Fisher has proposed a model to estimate the
temperature increase induced by electron irradiation [29]:

ΔT =
I

4πKe
(

ΔE
d

)(1 + 2 ln
b
r0
), (1)

where ΔT is the maximum temperature rise heated by electron irradiation, K is the thermal conductivity
of the sample, I is the beam current, ΔE is the total energy loss per electron in a sample of thickness d, b
is the radius of the heat sink, and r0 is the beam radius. The term ΔE

d could be approximately equal to
dE
dx (where x is the position in thickness), which could be calculated by the Bethe–Bloch equation [30],
as follows:
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, (2)

where Z is the atomic number of the samples, ρ is the atomic density, ε0 is the vacuum dielectric
constant, m is the electron rest mass, ν is the electron velocity, c is the speed of light, E is the electron
energy, Ie is the average excitation energy of electrons in the target, and β = ν/c.

We take the Zave = (ZCo+ ZCr+ ZCu+ ZFe+ ZNi)/5 = 26.8 as the atomic number of this HEA
samples containing Co, Cr, Cu, Fe and Ni five principle elements. ρ = ρmass/((mCo/atom+ mCr/atom+
mCu/atom + mFe/atom+ mNi/atom)/5) = 7.231 × 1027 m−3. The thermal conductivity of this HEA is
estimated to be K= 16.2 W·m−1·K−1. Given I = 4.8 nA, e = 1.6 × 10−19 C, b = 1.5 mm, r0 = 200 nm,
ε0 = 8.85 × 10−12 F·m−1, m = 9.3 × 10−31 kg, ν = 2.0837×108 m·s−1, c = 3.0 ×108 m·s−1, E = 200 KeV,
Ie = 8.8Z = 235.8 eV, the estimated results of the maximum temperature increase of the HEA sample is
0.061 K. Therefore, the heating effect induced by electron irradiation could be neglected.
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Abstract: High entropy alloys (HEAs) have attracted widespread interest due to their unique
properties at many different length-scales. Here, we report the fabrication of nanocrystalline (NC)
Al0.1CoCrFeNi high entropy alloy and subsequent small-scale plastic deformation behavior via
nano-pillar compression tests. Exceptional strength was realized for the NC HEA compared to pure
Ni of similar grain sizes. Grain boundary mediated deformation mechanisms led to high strain rate
sensitivity of flow stress in the nanocrystalline HEA.

Keywords: nanocrystalline materials; high entropy alloy; sputtering; deformation and fracture; strain
rate sensitivity

1. Introduction

High entropy alloys (HEAs) represent an alloy design paradigm of combining five or more
elements in equiatomic or near-equiatomic proportions [1,2]. In certain compositions, high
configurational entropy suppresses intermetallic compound formation and leads to single-phase solid
solution [3]. HEAs have attracted widespread interest due to their intriguing physical and mechanical
properties [3]. Some of the appealing properties include exceptional ductility [3], outstanding thermal
stability [4], and cryogenic fracture toughness [5]. Bulk of the research on HEAs have focused on alloy
development [3], phase stability [6], and mechanical behavior of coarse grained (CG) and fine-grained
systems [3,7,8]. But there are limited reports on nanocrystalline (NC) HEAs and their small-scale
deformation behavior [9,10]. NC metals typically show very high strength [11] and good fatigue
resistance [12]. Body-centered cubic NbMoTaW refractory NC HEA exhibited exceptional strength at
small scales and ductility [9]. Furthermore, NC HEA retained yield strength (YS) of over 5 GPa up to
600 ◦C denoting an exceptional nano-structural stability [10]. Similar studies for face-centered cubic
(FCC) systems could provide insights into their deformation mechanisms at reduced length-scale and
pave the way for new application domains towards low-cost, durable, ductile, and strong FCC HEAs.

Al0.1CoCrFeNi HEA is a canonical example of a FCC single phase multi-principal element alloy
whose mechanical properties have been widely reported. Komarasamy et al. [13] examined the
work hardening mechanisms in coarse-grained (CG) (a few mm) and fine-grained (FG) (~3–14 μm)
Al0.1CoCrFeNi HEA and concluded that both the conditions exhibited deformation twinning mediated
plasticity. Following that, Choudhuri et al. [14] investigated the plastic deformation mechanisms of the
same alloy in CG and FG conditions using transmission electron microscopy. After quasi-static tensile
testing, both the microstructures exhibited nanoscale (~2 nm) twins signifying twinning assisted plastic
deformation. Wu et al. [15] also noted a similar behavior with deformation twins in both CG and FG
materials. Furthermore, an increase in average twin spacing and a reduction in twin thickness was
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observed in FG condition as compared with CG material. Kumar et al. [16] examined the high strain
rate compression behavior of CG Al0.1CoCrFeNi HEA and observed a similar work hardening behavior
as quasi-static compression. Yu et al. [17] investigated the deformation mechanism in Al0.1CoCrFeNi
HEA subjected to high pressure torsion (HPT). Deformation via dislocation slip was noted at low
strains while deformation twinning was activated at large plastic strains. Furthermore, a large strain
rate sensitivity of 0.035 was obtained signaling grain boundary related deformation mechanism in the
HPT condition. In Al0.1CoCrFeNi HEA, Feng et al. [18] introduced high density of nano-twins and
stacking faults, and investigated the mechanical behavior at small length scales. The pillars exhibited a
compressive strength of 4.0 GPa with 15% compressive ductility. The exceptional mechanical properties
were attributed to the stability of stacking faults and its effective hindrance to dislocation motion.

In this paper, we report on the nano-mechanical behavior of NC Al0.1CoCrFeNi HEA (average
grain size ~40 nm) synthesized using magnetron sputtering technique. Stress–strain response was
obtained by nano-pillar compression, concurrent with direct observation of their deformation behavior
inside a scanning electron microscope (SEM). Different strain rates were used for strain rate sensitivity
(m) analysis.

2. Materials and Methods

Target alloy of composition Al0.1CoCrFeNi was prepared using high purity elements (99.99%)
and arc melted in an Ar atmosphere. A thin film of the alloy was deposited by magnetron sputtering
technique (AJA International, Scituate, MA, USA) on a silicon substrate at room temperature (RT),
with the base and process pressure maintained at ~3 × 10−6 torr, and ~5 × 10−3 torr, respectively.
An Ar atmosphere (flow rate 10 sccm) was used and applied power was 75 W. Nano-pillars were
synthesized by milling the thin film using Focused Ion Beam (FIB) (FEI). A concentric circular pattern
was used to mill out the nano-pillar. Gallium ion beam with current of 10 pA, and operating voltage
of 30 kV was used for milling and the pillars had an average diameter of ~450 nm. ImageJ software
was used to determine the grain size. In situ compression tests were performed on the nano-pillars
with a SEM equipped with PicoIndenter PI 85 (Bruker Nano Surfaces, Minneapolis, MN, USA) using
a 2 μm diameter diamond flat punch. Uniaxial compression tests were conducted at strain rates of
1.2 × 10−1, 1.9 × 10−2, and 7.5 × 10−3 s−1.

3. Results and Discussion

Figure 1a,b shows the X-ray diffraction (XRD) patterns for Al0.1CoCrFeNi HEA thin film and
target, respectively, demonstrating a single phase FCC structure. SEM image of the thin film (Figure 1c)
shows uniformly distributed nano-sized grains with an average grain size of ~40 ± 5 nm. SEM images
of NC nano-pillar HEA before and after compression tests are shown in Figure 2. The pillar diameter
was around 450 nm (Figure 2a). Figure 2b shows the nano-pillar with the diamond flat punch just
before the compression test. Uniform plastic deformation of the nano-pillar with no evidence of
buckling was observed (Figure 2c). Furthermore, crack propagation parallel to the loading direction
can be observed in Figure 2c.
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Figure 1. X-Ray diffraction (XRD) patterns of (a) Al0.1CoCrFeNi thin film and (b) Al0.1CoCrFeNi target,
showing peaks corresponding to the face-centered cubic (FCC) phase; (c) high-magnification scanning
electron microscope (SEM) image of the thin film showing nano-sized grains with an average grain
size of ~40 ± 5 nm.

 
Figure 2. SEM images of the (a) nano-pillar with diameter 450 nm (b) diamond punch and the
nano-pillar, and (c) nano-pillar after the compression test.

Compressive engineering stress-strain curve at a strain rate of 7.5 × 10−3 s−1 is shown in Figure 3a.
Inset images of the pillar at various deformation intervals clearly show that the plastic deformation was
uniform without buckling of the nano-pillar. YS of nano-pillar Al0.1CoCrFeNi HEA at 7.5 × 10−3 s−1

strain rate was ~3829 MPa. YS of the CG material of the same composition was ~190 MPa indicating
a 20 fold increase in strength for the NC HEA. Al0.1CoCrFeNi forms a single phase alloy with FCC
crystal structure without any secondary phases. Therefore, only grain size strengthening contribution
was investigated. To that end, YS versus d−1/2 correlation (where d represents grain size) for various
HEAs, pure Ni, and the current study are shown in Figure 3b. Hall–Petch relation for various HEAs
and Ni are shown in Figure 3b, based on the following equation:

σYS = σo + kd−1/2 (1)

where, σo is the strength of the material for infinitely large grain size also called lattice friction stress,
k is the Hall-Petch coefficient, and d is the grain size. The Hall–Petch equation with coefficients, σo

and k, for all the conditions are given in the bottom inset of Figure 3b. Hall–Petch coefficients based
on two independent HEA investigations were used to calculate the expected grain size strengthening
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contribution for the current condition with ~50 nm grain size. The calculated YS based on Otto
et al.’s [19] and Nilesh et al.’s [8] Hall–Petch coefficients were 2255 and 1849 MPa, respectively.
Remarkably, the obtained YS in the current investigation was ~1500 MPa higher than the predicted
strength values. This may be attributed to the shift in deformation mode from dislocation-controlled
to grain boundary mediated plastic deformation. For the same grain size, HEAs exhibited strength
values two fold higher than that of pure Ni [20]. In addition to Hall–Petch and grain boundary
mediated deformation mechanism, size effect may also dominate the YS of NC Al0.1CoCrFeNi HEA,
which is out of the scope of the current paper. In CoCrCuFeNi HEA, Zhang et al. [21] investigated
size-dependent YS based on micro-/nano-pillar uniaxial compression tests and noted that the HEA
did exhibit size-dependent mechanical properties.

Figure 3. (a) Compressive engineering stress–strain curve at strain rate of 7.5 × 10−3 s−1 showing
YS of 3829 MPa. Insets show the in situ image of pillar at various stages; (b) YS vs. d−1/2 plot with
Hall–Petch equation fit for Ni and various HEAs.

Effect of strain rate on yield strength and strain rate sensitivity calculation are shown in Figure 4a,b,
respectively. Stress-strain curves for 1.9 × 10−2 s−1 and 1.2 × 10−1 s−1 strain rates were shifted along
the strain axis for a clear representation. With the increase in strain rate, yield strength of the NC
nano-pillar Al0.1CoCrFeNi HEA increased. This indicates a positive strain rate sensitivity of flow stress
at room temperature which was observed in other investigations as well [22]. Strain rate sensitivity (m)
is defined as:

m =
∂ lnσ

∂ ln ε
(2)

where, σ is the flow stress and ε is the strain rate. Following this equation, slope of 1% flow stress
and strain rate in logarithmic scale yielded a strain rate sensitivity of 0.08 as presented in Figure 4b.
Comparison with m values reported in literature for other materials is given as inset in Figure 4b.
As can be clearly seen, m value increases with the reduction in grain size. For example, CG and NC
copper exhibited m values of 0.009 and 0.06, respectively [11]. Furthermore, m value of CG HEA
was higher than CG conventional metals/alloys, which was attributed to fluctuating lattice energy
controlled deformation mechanism. In the current investigation, due to the nano-scale grain size,
there is high possibility that dislocation controlled processes were suppressed and grain-boundary
mediated processes were activated. Furthermore, m value of 0.08 for NC HEA would translate into
lower apparent activation volume of dislocation as compared to NC copper with m value of 0.06.
Therefore, in addition to differences in CG material due to lattice distortion controlled dislocation
activity, current results suggest that grain boundary mediated plastic deformation was influenced by
the inherent lattice distortion of HEA.
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Figure 4. (a) Compressive engineering stress-strain plot at different strain rates showing the increase in
tensile strength with increase in strain rate; (b) flow stress at 1% offset strain versus strain rate plot in
logarithmic scale to calculate strain rate sensitivity (m).

An important implication of the current investigation is the viability of nano-crystalline HEAs for
use in high-strength applications without expensive refractory elements such as Mo, Ta, W, and Nb. In
fact, body centered cubic NbMoTaW HEA pillar of 1 μm diameter exhibited yield strength similar to the
current Al0.1CoCrFeNi face centered cubic nano-pillar [9]. Therefore, the current nanostructured alloy is
a cost-effective alternative towards achieving ultra-strong and ductile wires for small-scale applications.

4. Conclusions

In conclusion, exceptional strength was seen for nano-crystalline Al0.1CoCrFeNi HEA similar to
refractory HEAs of comparable length scales. This was attributed to grain boundary mediated plastic
deformation processes. The strain rate sensitivity was higher than conventional NC material implying
an even lower activation volume of dislocations.
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Abstract: Medium and high entropy alloys (MEAs and HEAs) based on 3d transition metals,
such as face-centered cubic (fcc) CrCoNi and CrMnFeCoNi alloys, reveal remarkable mechanical
properties. The stacking fault energy (SFE) is one of the key ingredients that controls the underlying
deformation mechanism and hence the mechanical performance of materials. Previous experiments
and simulations have therefore been devoted to determining the SFEs of various MEAs and HEAs.
The impact of local chemical environment in the vicinity of the stacking faults is, however, still not
fully understood. In this work, we investigate the impact of the compositional fluctuations in the
vicinity of stacking faults for two prototype fcc MEAs and HEAs, namely CrCoNi and CrMnFeCoNi
by employing first-principles calculations. Depending on the chemical composition close to the
stacking fault, the intrinsic SFEs vary in the range of more than 150 mJ/m2 for both the alloys,
which indicates the presence of a strong driving force to promote particular types of chemical
segregations towards the intrinsic stacking faults in MEAs and HEAs. Furthermore, the dependence
of the intrinsic SFEs on local chemical fluctuations reveals a highly non-linear behavior, resulting in
a non-trivial interplay of local chemical fluctuations and SFEs. This sheds new light on the importance
of controlling chemical fluctuations via tuning, e.g., the annealing condition to obtain the desired
mechanical properties for MEAs and HEAs.

Keywords: high-entropy alloy; stacking-fault energy; density functional theory

1. Introduction

High entropy alloys (HEAs) or complex concentrated alloys (CCAs) based on 3d transition
metals have attracted enormous attention recently, in particular due to their outstanding mechanical
properties. The equiatomic CrMnFeCoNi HEA, also often termed the Cantor alloy [1], has an excellent
combination of strength and ductility [2–5]. Different strategies have been proposed to further improve
the mechanical properties, e.g., by tuning the chemical compositions of CrMnFeCo and CrMnFeCoNi
towards nonequiatomic alloys [6–10] or by resorting to so-called medium entropy alloys (MEAs),
such as CrCoNi alloys [11–13].

A key factor in controlling the underlying deformation mechanism and therewith tuning the
mechanical properties is the stacking fault energy (SFE). Low SFEs can induce, e.g., transformation-
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induced plasticity (TRIP) or twinning-induced plasticity (TWIP) [14–16], and for this reason, SFEs of
HEAs and CCAs have been investigated previously in numerous experimental [13,17–19] as well as
theoretical studies [20–31]. Interestingly, in a recent experimental work [17], the measured SFEs for
equiatomic CrMnFeCoNi revealed large fluctuations, and it was proposed that the SFEs of CrMnFeCoNi
may sensitively depend on the local chemical environments in the vicinity of the stacking faults (SFs).
Also, in computational works [24,26,29,30], large fluctuations of SFEs have been found for MEAs and
HEAs based on 3d transition metals, like CrCoNi and CrMnFeCoNi, which indicates a strong dependence
of the SFEs on local chemical fluctuations close to the SFs. A recent experimental work [32] revealed
that chemical inhomogeneity in a Cr10Mn30Fe50Co10-based alloy also caused a large deterioration of
mechanical properties. Although these results suggest an important role of chemical fluctuations in
these alloys, the impact of such fluctuations on the SFEs of MEAs and HEAs has not been intensively
investigated yet. In a recent study employing first-principles calculations [24], it was proposed that the
SFEs of CrCoNi and CrCoFeNi may depend on the valence electron concentration (VEC) of the elements
near the SF. In that study, however, only a very limited number of configurations and local compositions
near the SF were evaluated, prohibiting a further quantitative analysis.

In the present study, we comprehensively investigate the impact of compositional fluctuations
near the intrinsic SF (ISF) on the intrinsic SFE (ISFE) for the face-centered cubic (fcc) equiatomic
CrCoNi and CrMnFeCoNi alloys based on first-principles calculations. The ISFEs were calculated
using supercells with and without an ISF, while the chemical disorder was modeled using the coherent
potential approximation (CPA) [33–35]. The combination of supercells and the CPA makes it possible to
systematically investigate arbitrary local composition ratios in the vicinity of the ISFs and to elucidate
the impact of compositional fluctuations for individual elements using relatively small, and thus
computationally efficient, supercells.

2. Computational Details

We investigate the impact of the local chemical environment in the vicinity of ISFs on the ISFEs,
as described in Figure 1a. In principle, the impact of the local chemical environment can be investigated
by employing large supercells. As this approach turns out to be computationally too demanding
for systematically screening a large number of different compositional fluctuations near the ISFE,
we resort to an alternative approach. To reduce the computational cost while keeping the key physical
ingredients, we combined the CPA with the supercell approach. Specifically, the impact of the local
chemical environment near the ISFs on the ISFEs was investigated using six-layer supercells with
and without an ISF as shown in Figure 1b, and the compositional fluctuation in the vicinity of the
ISF was introduced based on the CPA by modifying the mixing ratios of the chemical elements in the
L1 layers close to the ISF (see Figure 1b) from the equiatomic while keeping the equiatomic ratios in
the subsequent L2 and L3 layers. The ISF was introduced by tilting the 〈111〉 axis of the perfect-fcc
simulation cell by 6〈112̄〉/a, where a is the fcc lattice constant [36]. The ISFEs, γISF, were computed with

γISF =
Efcc + ISF − Efcc

A
, (1)

where Efcc + ISF and Efcc are the energies of the simulation cells with and without ISFs, respectively,
and A denotes the area of the ISFs. As we focused on the impacts of the chemical fluctuations near
the ISFs, the computed ISFEs are shown as the differences from the ones without compositional
fluctuations. The impacts of lattice vibrations [26,29], magnetic excitations [21], chemical short-range
order (SRO) [30], and volume changes [9] on the ISFEs have been investigated previously and were
therefore not included in the present study. We also note that local lattice distortions, which cannot be
considered in the CPA, possibly affect the ISFEs.
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Figure 1. (a) Schematic of the intrinsic stacking faults (ISF) in a three-component face-centered cubic
(fcc) equiatomic disordered alloy. The red line indicates the ISF. The circles represent atoms, which are
colored differently according to the chemical elements. Notice that local chemical fluctuations can exist
close to the ISF (gray background region) even if, on average, the alloy has an equiatomic composition;
(b) Projected atomic positions of the simulation cells with and without ISFs. The red background
regions represent the six-layer simulation cells, while the dashed boxes indicate the cell shape of the
perfect fcc structure. The red lines indicate the ISFs. The circles represent atoms which are colored
differently according to the given mixing ratios of the constitutive chemical elements in the CPA to
model the compositional fluctuations. The atomic layers are labeled L1, L2, and L3 according to the
distance from the ISFs.

SFEs are also often computed based on the axial Ising model [37], in which the SFE is derived
from the energy differences among the fcc, hexagonal close-packed (hcp), and sometimes double hcp
phases. By construction, however, the axial Ising model cannot capture the impact of local chemical
fluctuations close to the SFs, because the perfect fcc and hcp structures do not include the SFs explicitly.
The presently employed supercell approach, in contrast, enabled us to explicitly investigate the impacts
of local chemical fluctuations close to the SFs.

The electronic structure calculations were performed with the exact-muffin-tin-orbital (EMTO)
method [38–42] in combination with the full-charge-density (FCD) method [43,44] within the density
functional theory (DFT) framework. The DFT energies were calculated within the generalized gradient
approximation (GGA) of the Perdew–Burke–Ernzerhof (PBE) form [45] in the following perturbative
manner [46]. The electronic densities were first calculated using the local-density approximation
(LDA), and then the total energies were calculated within the GGA-PBE via the FCD method based
on the obtained electronic densities. This approach makes the calculations faster and often more
stable while keeping the accuracy of the GGA [46], and it has therefore been employed in numerous
studies using the EMTO approach [47–56]. The Brillouin zones were sampled by 22 × 22 × 4 k-point
meshes per six-atom computational unit cell, where the 〈111〉 direction in Figure 1b was set to be the
z-axis. As experiments [57] and first-principles calculations [52,53] have revealed that both CrCoNi
and CrMnFeCoNi are paramagnetic (PM) at room temperature, we simulated the magnetic disorder
with random magnetic moments by employing the disordered local moment (DLM) model [42,58,59]
in combination with the CPA. The lattice constant was fixed to 3.56 Å for CrCoNi and 3.6 Å for
CrMnFeCoNi, which are close to the experimental values [1,60–64], and the atomic positions were
fixed to keep the rigid-sphere packing.

3. Results and Discussion

We first discuss the impact of compositional fluctuations in the vicinity of the ISF for CrCoNi with
increasing or decreasing individual elemental concentrations. The results are shown in Figure 2a.
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Figure 2. (a,b) Differences between the computed ISFEs of CrCoNi from those where no compositional
fluctuation exists in the L1 layers. (a) Result as a function of the local concentration of the element
M (M = Cr, Co, Ni) in the L1 layers. The other elements were kept equiatomic in the L1 layers. The vertical
gray line indicates the point of the ideal solid solution, i.e., without chemical fluctuations near the SF;
(b) Result as a function of the local composition ratio in the L1 layers. The red circle indicates the equiatomic
composition ratio; (c) The valence electron concentration (VEC) as a function of the composition ratio.

The ISFE was found to increase monotonically with the increase of local Ni concentration close
to the ISFs. This suggests that Ni segregation towards the ISF is thermodynamically limited and that
there is a strong driving force to deplete the Ni concentration in the vicinity of the ISFs. This can be
intuitively understood by the fact that pure Ni energetically prefers the fcc phase (groundstate of Ni),
whereas in the vicinity of the ISF, the stacking order of the close-packed planes is similar to that of the
hcp structure. If the layers close to the ISF are fully occupied by Ni, the ISFE increases by more than
100 mJ/m2, and when Ni is fully suppressed from the ISF, the ISFE decreases by more than 50 mJ/m2.
This is consistent with previous computational results based on supercell models [24] in which the
ISF with the local composition ratio of Cr8Co10Ni14 was 59 mJ/m2 higher than the ISF with the local
composition ratio of Cr12Co10Ni10. It should be noted that the results in Ref. [24] were obtained based
on non-spin-polarized calculations and another type of supercell approach (slab + vaccum layer),
which prohibits a quantitative comparison.

The impact of Cr turned out to be somewhat more complex. The minimum ISFE was found at
a Cr concentration of about 0.5, whereas the ISFE increased when the L1 layers were either highly
occupied by Cr or mostly free from it. When Cr fully occupied the layers close to the ISF, the ISFE
increased by more than 80 mJ/m2. A similar non-linear behavior of the ISFE was also found for the
ferromagnetic (FM) fcc CrxCo1−x binary alloys by first-principles calculations [65]. This suggests that
such a complex impact of Cr on the ISFE may be also found in other random 3d transition metal alloys.
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When Co fully occupied the L1 layers, the ISFE did not change largely from when no chemical
fluctuations existed, which suggests that Co in CrCoNi reveals a small fcc–hcp energy difference.
This could be reasoned as follows. The groundstate of pure Co is the FM hcp phase, while with
increasing temperature, it experiences both a structural transition to the fcc phase at around 700 K [66]
and a magnetic transition at around 1400 K [66]. As found in previous works [67,68], magnetic
fluctuations in Co contribute to the stability of the fcc phase at elevated temperatures. For example,
in Ref. [68], the fcc–hcp energy difference of pure Co was found to be significantly reduced in the
DLM state compared to the FM state. From the above considerations on pure Co, it can be intuited
that the small ISFE change with respect to the local Co concentration close to the ISF is caused by the
paramagnetic state of CrCoNi.

To further elucidate the impact of the non-linear trend of the compositional fluctuations for the
ISFEs, we further explored the full compositional region for the L1 layers, as shown in Figure 2b.
Overall, the ISFE varied in the range of approximately 180 mJ/m2, depending on the local composition
ratio of the L1 layers. The strongest decrease in the ISFE of more than 60 mJ/m2 was found for nearly
equiatomic Cr and Co occupying the L1 layers.

Large variation in the ISFE for CrCoNi was also found in previous computational works using
supercell models with and without ISFs, where the computed ISFEs of CrCoNi were distributed in
the range of 59 mJ/m2 [24], approximately 230 mJ/m2 [29], or 205 mJ/m2 [30], or with a standard
deviation of approximately 110 mJ/m2 [26]. Note that the ISFE variation range in Ref. [24] was
relatively small compared with that in Refs. [26,29,30]. This might be related to the limited set of
considered configurations, or the usage of non-spin-polarized calculations and the suppression of
energy fluctuations due to the magnetic degrees of freedom. This is consistent with the finding in
Ref. [29], where the fluctuations of the ISFEs in CrMnFeCoNi were much smaller in the nonmagnetic
state compared to the spin-polarized one.

As found in Figure 2a,b, the ISFE of CrCoNi varied non-linearly with respect to the local chemical
composition close to the ISFs. This became even clearer by considering the VEC dependence on the ISFE,
which is often employed to predict the phase stability of HEAs and CCAs [69,70]. The relations between
the ISFE and the VEC near the ISFs for CrCoNi and CrFeCoNi have been discussed previously [24].
Figure 2c shows the VEC values for the same composition region as that in Figure 2b. By construction,
VEC depends linearly on the chemical concentrations, while the trend does not match that of the
actually computed ISFE, except for under Ni-rich conditions. This indicates that the VEC is, in general,
not a sufficient quantitative descriptor for estimating the variation of ISFEs.

We next considered the five-component fcc CrMnFeCoNi HEA, the so-called Cantor alloy.
The impact of compositional fluctuations in the L1 layers on the computed ISFE are shown in Figure 3a.
The ISFE depended on the local concentrations of Cr, Co, and Ni similarly, as found for CrCoNi. The ISFE
monotonically increased with an increase in the local Ni concentration in the L1 layers. The ISFE also
increased both when Cr nearly fully occupied the L1 layers and when it was nearly fully excluded in
the L1 layers, while the ISFE decreased when the local Cr concentration in the L1 layers was around 0.5.
Co showed a relatively small impact on the ISFE compared to the other elements also for CrMnFeCoNi
with a slight decrease in the ISFE when fully occupying the L1 layers. The impact of Mn on the ISFE
is clearly non-linear, as also found for Cr. When the local Mn concentration in the L1 layers was less
than 0.4, the ISFE was hardly affected. In contrast, when the local Mn concentration in the L1 layers
was larger than 0.4, the ISFE drastically decreased down to approximately 150 mJ/m2 with Mn fully
occupying the L1 layers.
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Figure 3. (a,b) Differences between the computed intrinsic SFE (ISFEs) of CrMnFeCoNi from those
where no compositional fluctuation exists in the L1 layers. (a) Result as a function of the local
concentration of the element M (M = Cr, Mn, Fe, Co, Ni) in the L1 layers. The other elements were
kept equiatomic in the L1 layers. The vertical gray line indicates the point of the ideal solid solution,
i.e., without chemical fluctuations near the SF; (b) Result as a function of the local composition ratio
in the L1 layers in the pseudoternary region of Cr, Fe0.5Co0.5, and Mn0.5Ni0.5. The red circle indicates
the equiatomic composition ratio; (c) The valence electron concentration (VEC) as a function of the
composition ratio in the same pseudoternary region as that of (b).

Recent experiments [63,71] have reported the phase decomposition of the CrMnFeCoNi alloy
into body-centered cubic Cr, L10 MnNi, and B2 FeCo after annealing at 450–500 ◦C. To resolve the
possible relationship between the precursor of the phase decomposition and the corresponding local
chemical fluctuations near the ISFs, the ISFEs were also computed for the local composition ratios in
the L1 layers in the pseudoternary region of Cr, Fe0.5Co0.5, and Mn0.5Ni0.5. The results are shown in
Figure 3b. The ISFE increased with an increasing amount of Mn0.5Ni0.5, while the lowest ISFE was
found when Mn0.5Ni0.5 was fully excluded from the L1 layers and replaced by a mixture of about
0.5 Cr and 0.5 Fe0.5Co0.5. This suggests that ISFs are suppressed in the presence of MnNi clusters.
The VEC-derived linear dependencies are shown in Figure3c and reveal once more that the VEC is,
in general, not a good predictor of the nonlinear dependence of ISFE on local chemical fluctuations.

4. Conclusions

We investigated the impact of compositional fluctuations on the ISFEs for the fcc equiatomic
CrCoNi and CrMnFeCoNi alloys by employing first-principles calculations by combining the supercell
and CPA approaches. For both alloys, the ISFEs were found to vary within a range of more than
150 mJ/m2 depending on the local chemical environment in the vicinity of the ISFs. The chemical
dependencies were shown to be highly non-linear and therewith, strongly deviated from linear
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Vegard’s law-like behavior. Cr caused non-linear behavior in CrCoNi. In the CrMnFeCoNi alloy,
the presence of MnNi clusters could suppress ISFs.

The strong SFE dependence on the local chemical compositions in the vicinity of the SFs indicated,
on the one hand, that the SFs in HEAs and CCAs may promote particular types of chemical segregations
towards the SFs. On the other hand, if chemical fluctuations exist in HEAs and CCAs on a large enough
scale, SFs are likely to occur in the local chemical environments with low SFEs. These potential behaviors
further complicate the prediction of physical descriptors to determine deformation mechanisms in
HEAs and CCAs compared to, e.g., unary metals or ordered alloys. The complexity might be further
enhanced in the presence of chemical SRO, which impacts the probabilities of local chemical fluctuations
compared to the ideal mixing state. At the same time, the revealed dependence of SFEs on local chemical
fluctuations in the vicinity of SFs opens the route towards tuning alloy properties of HEAs and CCAs
via controlling chemical fluctuations by tuning, e.g., the annealing conditions in the alloy processing
route. Our results encourage further experimental analyses employing, e.g., transmission electron
microscopy/energy-dispersive X-ray spectroscopy or atomic probe tomography to explore the role of
chemical fluctuations in the vicinity of SFs in more detail.
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Abstract: The partitioning of the alloying elements into the γ” nanoparticles in a Ni2CoFeCrNb0.15

high entropy alloy was studied by the combination of atom probe tomography and first-principles
calculations. The atom probe tomography results show that the Co, Fe, and Cr atoms incorporated
into the Ni3Nb-type γ” nanoparticles but their partitioning behaviors are significantly different.
The Co element is much easier to partition into the γ” nanoparticles than Fe and Cr elements. The
first-principles calculations demonstrated that the different partitioning behaviors of Co, Fe and Cr
elements into the γ” nanoparticles resulted from the differences of their specific chemical potentials
and bonding states in the γ” phase.

Keywords: high entropy alloy; gamma double prime nanoparticles; elemental partitioning; atom
probe tomography; first-principles calculations

1. Introduction

Recently, a new class of structural materials, known as high entropy alloys (HEAs), have attracted
considerable attention due to their excellent properties and potential applications in the aerospace and
energy industries [1–11]. Compared with the conventional alloys, the face-centered cubic (FCC) HEAs
exhibit unique properties such as outstanding ductility [7], exceptional fracture toughness [12] as well
as excellent corrosion resistance [13]. However, the single-phase FCC HEAs are insufficiently strong,
which limits their engineering applications.

The strategy of introducing the dispersed hard D022-structured gamma double prime (γ”) or
L12-structured gamma prime (γ′) nanoparticles into the FCC matrix (γ phase) has been proved to
be one of the most effective approaches to enhance the strength of the FCC HEAs, as it is the case in
many superalloys [10,14–16]. It is known that the alloying elements in the γ” or γ′ phase plays an
important role on the stability and the mechanical properties of the nano-precipitated alloys [17–20].
Therefore, it is critical to clarify the partitioning of the alloying elements into the nanoparticles of
the FCC HEAs. However, this issue still lacks research because the observation of alloying elements
in the nanoparticles which embedded in the FCC matrix is still a challenge. Although the energy
dispersive X-ray spectroscopy (EDS) equipped on scan electron microscope (SEM) or on transmission
electron microscope (TEM) has been widely used to determine the material composition, it is difficult
to distinguish the composition of the nanoparticles from that of the surrounding matrix. Atom probe
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tomography (APT), the only technique which can generate the three-dimensional (3D) atom maps
of materials in the real space with nearly atomic-scale resolution, has been proved to be a powerful
method of characterizing the composition of different kinds of nanoparticles [15,18,21,22]. Recently,
we have successfully clarified the partitioning of the alloying elements into the γ′ nanoparticles in the
NiFeCoCrTi0.2 HEA by APT [22]. In this work, the γ” nanoparticles in a Ni2CoFeCrNb0.15 HEA was
investigated by APT. Different partitioning behaviors of the alloying elements into the γ” nanoparticles
were observed. It was found that the Co element tends to partition into the γ” nanoparticles but Fe
and Cr elements are largely depleted from the γ” nanoparticles. The APT results were confirmed by
the first-principles calculations from the perspective of the electronic states.

2. Materials and Methods

An ingot with a composition Ni2CoFeCrNb0.15 was produced by arc melting Fe, Co, Ni, Cr, and Nb
metals with high purity (>99.9%) in an argon atmosphere. After repeatedly melted five times, the ingot
was then drop-casted into a copper mold to make a slab with a dimension of 5 mm × 10 mm × 50 mm.
Afterwards, the slab was solution-treated at 1473 K for 2 h, followed by water quenching. Then,
the homogenized slab was cold rolled with a total thickness reduction of 70% and subsequently
recrystallized at 1473 K for 4 minutes (min) and water-quenched. At last, aging was performed at
923 K for 40 h and 100 h, respectively, followed by water quenching.

The TEM specimen was prepared by mechanically grinding and followed by ion-milling using
a precision ion polishing system (PIPS, Model 695, Gatan, Pleasanton, CA, USA). The TEM (TEM,
JEOL 2100F, Tokyo, JAPAN) was operated under 200 keV. Needle specimens for APT analysis were
prepared by gallium focused-ion-beam (FIB), with a FIB-SEM dual-beam system (Scios, FEI, Hillsboro,
OR, USA), using a conventional lift-out technique [23]. The APT analysis was performed using a
local electrode atom probe (LEAP5000 XR, CAMECA, Madison, WI, USA). The samples were run in
the voltage mode at a specimen temperature of 50 K, with 200 kHz pulses at a pulse fraction of 20%.
An Integrated Visualization and Analysis Software (IVAS, Version 3.8.2) protocol was employed to
reconstruct the 3D atomic maps [24].

3. Results and Discussion

To confirm the formation of D022-structured γ” nanoparticles, the TEM analysis was performed
before the APT measurement. Figure 1 shows a bright-field (BF) and a dark-field (DF) TEM images
of the sample aged for 40 h. The DF-TEM image recorded from the spot marked with a yellow circle
in the inset selected area diffraction pattern (SADP). The nanoparticles can be clearly observed in both
the BF-TEM and the DF-TEM images. From the SADP it can be confirmed that the matrix has an FCC
structure (γ phase), whilst the nanoparticles have a D022 structure (γ” phase) which is revealed by the
additional faint spots. Figure 1c shows the size distribution of the nanoparticles with an average size of
13.5 ± 2.9 nm. The size of the nanoparticles was measured from the length of the nanoparticle along their
long axis.

Figure 2 shows the APT results of the sample aged for 40 h. In the three-dimensional (3D) atom
map, the γ” nanoparticles are delineated by 50 at.% Ni iso-concentration surfaces in red. It can
be observed that the γ” nanoparticles are disk-like. From the sliced atom maps, it can be found
that the γ” nanoparticles mainly consist of Ni and Nb. In addition, Co element shows a strong
tendency to partition into the γ” nanoparticles, but Fe and Cr elements are largely depleted from
the γ” nanoparticles. To clarify the accurate composition of these γ” nanoparticles, the proximity
histogram, which is calculated over the iso-concentration surfaces, is plotted (Figure 2b). Therein,
the chemical elements are displayed as a function of the distance from the iso-concentration surfaces.
The proximity histogram shows that the average concentration of Co is up to 8.2 ± 0.3 at.%, but the
average concentrations of Fe and Cr are only 1.3 ± 0.4 and 1.6 ± 0.1 at.% in the γ” nanoparticles,
respectively. To investigate the composition stability of γ” nanoparticles, the sample aged for 100 h
was also analyzed by APT. The composition of the γ” nanoparticles are summarized in Table 1. It was
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found that the composition of γ” nanoparticles in the sample aged for 100 h is almost the same as that
in the sample aged for 40 h, which indicates that the composition of γ” nanoparticles have reached
the steady state after 40 h aging. The APT results demonstrate that the Co element is much easier
to partition into the γ” nanoparticles than Fe and Cr elements. In addition, Co, Fe, and Cr prefer Ni
sublattice sites in the Ni3Nb-type γ” nanoparticles because the Ni composition in the γ” nanoparticles
are only 65 at.%. It should be noted that a small part of Co, Fe, or Cr atoms may also occupy Nb
sublattice sites as the Nb composition in the γ” nanoparticles is about 24%. However, it is difficult to
determine which kind of elements occupied Nb sublattice sites only from APT results. Some similar
results are also found in the Ni-based superalloys [25–27]. For example, Lawitzki et al. reported
that the alloying elements such as Cr occupied both the Ni and Nb sublattice sites of γ” phase in the
718 alloy [25].

Figure 1. The BF-TEM (a); and the DF-TEM (b) images of the sample aged for 40 h. The inset in (b) is
the SADP along the zone-axis z = [001]. (c) The size distribution of the γ” nanoparticles.

Figure 2. (a) The 3D atom map (62 × 64 × 80 nm3) and the 4 nm-thick sliced atom maps of Co,
Fe, Cr, Ni, and Nb of the 40 h aged sample. In the 3D map, the nanoparticles are delineated by
50 at.% Ni iso-concentration surfaces in red for better illustration. (b) The proximity histogram of
the iso-concentration surfaces illustrated in the 3D atom map. The alloying elements are shown as a
function of the distance from the iso-concentration surface (vertical dashed line).
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Table 1. Chemical composition of γ” nanoparticles (at.%).

Aging Time Co Fe Cr Ni Nb

40 h 8.2 ± 0.3 1.3 ± 0.1 1.6 ± 0.1 64.3 ± 0.4 24.6 ± 0.2
100 h 8.1 ± 0.1 1.2 ± 0.1 1.4 ± 0.1 65.2 ± 0.3 24.0 ± 0.2

First-principles calculations were performed to confirm the site substitution preferences in the γ”
nanoparticles and to investigate the origin of the different partitioning behaviors of the Co, Fe, and
Cr elements into the γ” nanoparticles. The calculations employed the plane-wave pseudopotential
approximations with the generalized gradient approximations, as implemented in the Vienna ab initio
simulation package (VASP) [28]. A plane wave cutoff energy of 500 eV and 9 × 9 × 9 Monkhorst–Pack
k-point grids were used in the calculation. A 3D periodic supercell with D022-structured Ni24Nb8 was
employed to determine the total energies of the cells. The D022-structured Ni3Nb was fully relaxed,
and the lattice parameters were determined to be a = b = 3.643 Å and c = 7.484 Å, which is in good
agreement with both the previous reported experimental and theoretical results [27,29].

The formation energies for an element X (X = Co, Fe, and Cr) to substitute a Ni site and a Nb site
of the D022-structured Ni3Nb were defined as [30]

EX→Ni =
(

Etot
Ni23XNb8

+ μNi

)
−
(

Etot
Ni24 Nb8

+ μX

)
(1)

EX→Nb =
(

Etot
Ni24 Nb7X + μNb

)
−
(

Etot
Ni24 Nb8

+ μX

)
(2)

where Etot is the total energy and μ is the chemical potential. The chemical potential is defined as the
energy per atom of the element in its stable pure phase. Our calculations show that the total energy of
Ni24Nb8 (Etot

Ni24 Nb8
) is −222.84 eV and the chemical potentials of Ni and Nb are −5.47 and −10.20 eV,

respectively. Table 2 summarized the total energies, the chemical potentials, and the formation energies.
The calculation results demonstrate that Co and Fe atoms prefer to occupy the Ni sublattice sites rather
than Nb sublattice sites, as the formation energies, ECo/Fe→Ni, are significantly lower than ECo/Fe→Nb.
However, the formation energies for Cr to occupy Ni and Nb sublattice sites are almost same, which
indicates that Cr atoms occupy both the Ni and Nb sublattice sites. In addition, the formation energy
of Co that occupies the Ni sublattice site is nearly zero, which is much lower than that of Fe and Cr,
indicating that Co is more stable in the D022-structured Ni3Nb than Fe and Cr. Similar results were also
reported in the L12-structured Ni3Ti phase [31]. The calculation results confirmed the APT observation
that the concentration of Co in the γ” nanoparticles are much higher than that of Fe and Cr.

Table 2. The Calculated chemical potentials, total energies and formation energies with the unit of eV.

μ Etot
Ni23XNb8

Etot
Ni24Nb7X EX→Ni EX→Nb

Co −7.01 −224.16 −217.74 0.08 1.71
Fe −8.23 −225.00 −218.79 0.19 1.61
Cr −9.50 −225.55 220.65 1.38 1.50

To further clarify the origin of the formation energy differences of Co, Fe, and Cr in the
D022-structured Ni3Nb, the total energy, and the chemical potential of the solute atoms are carefully
checked, as the formation energy is determined by these two parts. It is found that the formation
energy difference between Fe and Cr is mainly caused by the difference of their chemical potentials
because the total energies of Etot

Ni23FeNb8
and Etot

Ni23CrNb8
are almost the same. However, both the chemical

potential and the total energy of Co (Etot
Ni23CoNb8

) are higher than that of Fe and Cr, which indicates
that the formation energy differences between Co and Fe/Cr not only result from their chemical
potential differences, but also come from their total energy differences. As the total energy originates
from the charge distribution of the system, we calculated the charge density difference of Ni23CoNb8,
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Ni23FeNb8, and Ni23CrNb8 systems with reference to Ni24Nb8 system, respectively. From the charge
density difference, we can find that the charge accumulation appears between Co and Nb atoms
(Figure 3a) but does not appear between Fe and Nb (Figure 3b), or Cr and Nb (Figure 3c). The charge
distribution results indicate that the bonding for Co and Nb is much stronger than that of Fe and Cr.
The strong Co-Nb bond stabilizes Co atoms in the D022-structured Ni3Nb, which demonstrates that
the bonding state of Co plays an important role in lowering the formation energy compared with that
of Fe and Cr.

Figure 3. The charge density difference on the (001) plane of the Ni23CoNb8 (a), Ni23FeNb8 (b), and
Ni23CrNb8 (c) systems with reference to the Ni24Nb8 system. The yellow regions and blue regions
correspond to the increased and decreased charge density (0.001 eV/Bohr−3), respectively.

4. Conclusions

In summary, the partitioning of alloying elements into the γ” nanoparticles in a Ni2CoFeCrNb0.15

HEA was studied by APT and first-principles calculations. It was found that the composition of Co in
the γ” nanoparticles is up to 8.2 at.% but the composition of Fe and Cr are only 1.3 at.% and 1.6 at.%,
respectively. This indicates that the Co element is much easier to partition into the γ” nanoparticles
than Fe and Cr elements. In addition, Co and Fe atoms prefer to occupy the Ni sublattice sites but
Cr occupies both Ni and Nb sublattice sites. The first-principles calculations demonstrated that the
different partitioning behaviors of Co, Fe, and Cr elements into the γ” nanoparticles are attributed to
the differences of their specific chemical potentials and the bonding states in the γ” phase. This research
paves the way for the composition control of the γ” nanoparticles in the HEAs.
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Abstract: The effects of niobium and molybdenum additions on the microstructures, hardness and
corrosion behaviors of CrFeCoNi(Nb,Mo) alloys were investigated. All of the CrFeCoNi(Nb,Mo)
alloys displayed dendritic microstructures. The dendrites of CrFeCoNiNb and CrFeCoNiNb0.5Mo0.5

alloys were a hexagonal close packing (HCP) phase and the interdendrites were a eutectic structure
of HCP and face-centered cubic (FCC) phases. Additionally, the dendrites of CrFeCoNiMo alloys
were a simple cubic (SC) phase and the interdendrites were a eutectic structure of SC and FCC
phases. The volume fraction of dendrites and interdendrites in these alloys were calculated.
The influences of the volume fraction of dendrite in the alloys on the overall hardness were also
discussed. The CrFeCoNiNb alloy had the larger volume fraction of dendrite and thus had the
highest hardness among these alloys. The CrFeCoNi(Nb,Mo) alloys also showed better corrosion
resistances in 1 M H2SO4 and 1 M NaCl solutions by comparing with commercial 304 stainless steel.
The CrFeCoNiNb0.5Mo0.5 alloy possessed the best corrosion resistances in these solutions among the
CrFeCoNi(Nb,Mo) alloys.

Keywords: CrFeCoNi(Nb,Mo); microstructure; hardness; corrosion; sulfuric acid; sodium chloride

1. Introduction

High-entropy alloys (HEA) has been announced for more than ten years [1–3]. The concept of
HEA provides a new field for alloys design and thus becomes a very important field of materials
development. This high-entropy alloy concept is now widely used to develop the high-performance
alloys [4,5] and refractory alloys [6,7], also it is also applied in the thin film processes [8–10]. All of
these researches are focus on the unique properties of the high-entropy alloys. Corrosion resistance
is an important property of high-entropy alloys for structural applications; and many high-entropy
alloys possess good corrosion resistances in different solutions are reported, such as FeCoNiCrCux

high-entropy alloys in 3.5% sodium chloride solution [11], Al7.5Cr22.5Fe35Mn20Ni15 high-entropy
alloy in different solutions [12] and Al0.5CoCrFeNi alloy in a 3.5% NaCl solution [13]. That is,
the high-entropy alloy concept is used to develop structural alloys with good corrosion resistance.

CrFeCoNi alloy has a very good corrosion resistance property is reported in our previous
study [14]. It has a granular FCC structure and some HCP precipitates. However, the hardness
of CrFeCoNi alloy is too low (HV144) to limit its structural application. Molybdenum has a benefit
on the corrosion resistance of stainless steels is well known [15,16]. Niobium also can improve the
corrosion resistance of FeCuNbSiB amorphous alloys [17]. Therefore, this study adds Mo and/or
Nb into CrFeCoNi alloy and tests their properties. The microstructures revolution, hardness and
polarization behaviors of corrosion of the CrFeCoNi(Nb,Mo) alloys in H2SO4 and NaCl solutions are
all tested to evaluate their commercial application.

Entropy 2018, 20, 648; doi:10.3390/e20090648 www.mdpi.com/journal/entropy253
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2. Experimental

The CrFeCoNiNb, CrFeCoNiNb0.5Mo0.5 and CrFeCoNiMo alloys were prepared by arc melting
using appropriate amounts of the elements with purities above 99.9%. The alloys were made under
a partial pressure of argon atmosphere (400 torrs). The bottoms were remelted at least 4 times to
ensure homogeneity. Table 1 lists the chemical compositions of the alloys, the maximum deviation
of each element in the alloys was less than 1 atomic percent. The microstructural evolution of the
as-cast alloys was observed using a field emission scanning electron microscope with an energy
dispersive spectrometer (SEM/EDS, JEOL JSM-6335, JEOL Ltd., Tokyo, Japan), which was operated
at 15 kV. The structures were characterized by X-ray diffraction (XRD) using a Rigaku ME510-FM2
(Rigaku Ltd., Tokyo, Japan) with Cu-K (with a wavelength of 1.5406 Å) radiation operated at 30 kV at
a scanning rate of 0.04 degree/s. The microstructures and lattice images of the alloys were obtained
using a high-resolution transmission electron microscope (HREM, JEOL JEM-3000F, JEOL Ltd., Tokyo,
Japan), which was operated at 300 kV. The corresponding diffraction patterns (DP) were obtained from
the high-resolution lattice images by fast Fourier transformation (FFT) in Gatan digital micrograph
software. The hardness of the alloys was measured using both a Mitutoyo Akashi MVK-G1500
microhardness tester (Mitutoyo Co., Kanagawa, Japan) under a load of 10 gf and a Matsuzawa Seiki
MV1 Vicker’s hardness tester (Matsuzawa Co., Akita, Japan) under a load of 30 kgf.

Table 1. The average chemical compositions of the as-cast CrFeCoNi(Nb,Mo) alloys analyzed
by SEM/EDS.

Alloys
Compositions (Atomic Percent)

Cr Fe Co Ni Nb Mo

CrFeCoNiMo 20.1 20.2 19.5 20.5 N/A 19.7
CrFeCoNiNb0.5Mo0.5 21.4 19.4 19.8 17.6 11.0 10.8

CrFeCoNiNb 19.8 19.8 19.0 19.5 22.0 N/A

Polarization curves of the as-cast alloys were obtained in a potentiostat/galvanostat (Autolab
PGSTAT302N, Metrohm Autolab B.V., Utrecht, The Netherlands) using a three-electrode system at
a scanning rate of 1 mV/s. The CrFeCoNi(Nb,Mo) alloys for polarization testing were mounted in
epoxy resin and the exposed surface area of each was fixed at 19.64 mm2 (with a diameter of 5 mm).
The reference electrode was a saturated silver chloride electrode (Ag/AgCl) and the counter electrode
was a smooth Pt sheet. All the potentials that are below a saturated silver chloride electrode (SSE),
whose reduction potential is 222 mV higher than that of the standard hydrogen electrode (SHE) at
25 ◦C [18]. The specimens whose polarization curves were obtained were all mechanically wet-polished
using 1200 SiC grit paper. Test solutions with a concentration of 1 M were prepared from reagent-grade
sulfuric acid (H2SO4) and sodium chloride (NaCl) that were dissolved in distilled water. To eliminate
any effect of dissolved oxygen, the solutions were deaerated by bubbling nitrogen gas through them
before and during the polarization experiments. The polarization test started after the specimen,
counter electrode and reference electrode were placed in the bubbling solution for 900 s.

3. Results and Discussion

The microstructures of as-cast CrFeCoNi(Nb,Mo) alloys are displayed in Figure 1. They indicated
that the Nb and Mo additions could change the granular microstructures of CrFeCoNi alloy to a
dendritic microstructure of CeFeCoNi(Nb,Mo) alloys; and their interdendrites all showed a eutectic
structure. Also, some precipitates were only observed in the as-cast CrFeCoNiNb alloy, shown in
Figure 1a; the precipitates were not found in the other two alloys under the as-cast state. The chemical
compositions of the phases in these CrFeCoNi(Nb,Mo) alloys are listed in Table 2. The deviation of
each element-content in the phases were less than 1 atomic percent. The dendrites of these three alloys
had higher niobium and/or molybdenum contents. Additionally, the precipitates in CrFeCoNiNb
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alloy had similar compositions with the HCP dendrites but the lattice constants of these two phases
were quite different.

(a)

(b)

(c)

Figure 1. The SEM micrographs of as-cast (a) CrFeCoNiNb; (b) CrFeCoNiNb0.5Mo0.5; and
(c) CrFeCoNiMo alloys.

Figure 2 shows the XRD patterns of the as-cast CrFeCoNi(Nb,Mo) alloys. The lattice constants of
the phases are also marked in the figure. It indicated that every alloy had two major phases. The major
phases in the as-cast CrFeCoNiNb and CrFeCoNiNb0.5Mo0.5 alloys were the FCC and HCP phases,
the lattice constants of both the FCC and HCP phases in these two alloys were also very close. No peak
of the precipitates was found in the as-cast CrFeCoNiNb alloy because its volume fraction was too
small. However, the phases in the as-cast CrFeCoNiMo alloy were an FCC phase and a simple cubic
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(SC) phase, the SC phase (isometric cubic) had a large lattice constant of 8.398 Å which indicated that a
unit cell had many atoms.

Table 2. The average chemical compositions of the phases in the CrFeCoNi(Nb,Mo) alloys analyzed
by SEM/EDS.

Alloys
Compositions (Atomic Percent)

Co Cr Fe Ni Mo Nb

CrFeCoNiNb
FCC 18.4 26.7 24.3 25.5 N/A 5.1
HCP 19.7 17.1 18.1 14.8 N/A 30.3

precipitate 19.1 16.7 16.7 15.7 N/A 31.8
CrFeCoNiNb0.5Mo0.5

FCC 18.4 22.1 20.4 22.8 9.2 7.1
HCP 19.1 17.3 23.6 14.2 15.6 16.9

CrFeCoNiMo
FCC 21.3 19.2 22.0 24.0 13.5 N/A
SC 17.2 21.9 17.7 14.4 28.9 N/A

Figure 2. X-ray diffraction (XRD) patterns of the as-cast CrFeCoNi(Nb,Mo) alloys.

The transmission electron microscopy (TEM) bright field (BF) images of the dendrite, the matrix of
the interdendrite and the precipitate of as-cast CrFeCoNiNb alloy are shown in Figure 3a–c, respectively.
Figure 3a displays the image of the dendrite and inserts are the corresponding lattice image and the
FFT DP, which were taken from the zone axis of [0110]; and the FFT DP indicates that the dendrite
was a single HCP phase. Figure 3b is the TEM image of the matrix of interdendrite in the alloy,
the inserts are the corresponding lattice image and FFT DP, which were taken from the zone zxis of
[011]; and this FFT DP indicated that it was an FCC structure. Figure 3c shows the TEM image of the
precipitate and its corresponding lattice image and FFT DP, which were taken from the zone axis of
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[0111]. The precipitates showed a HCP structure and its lattice constants of a- and c-axes were 2.88 and
4.70 Å, respectively.

(a)

(b)

(c)

Figure 3. Transmission electron microscopy (TEM) (bright field) BF images of the phases in as-cast
CrFeCoNiNb alloy: (a) an image of dendrite, inserts are the corresponding lattice image and fast
Fourier transformation (FFT) diffraction patterns (DP) taken from the zone axis of [0110] which shows
a hexagonal close packing (HCP) structure; (b) an image of interdendrite, inserts are the corresponding
lattice image and FFT DP taken from the zone axis of [011] which shows an FCC structure; and (c) an
image of precipitate, inserts are the corresponding lattice image and FFT DP taken from the zone axis
of [0111] which shows a HCP structure.
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Figure 4a shows the TEM BF images of the dendrite in CrFeCoNiNb0.5Mo0.5 alloy, inserts are
the corresponding lattice image and FFT DP, which were taken from the zone axis of [2423]; and this
FFT DP indicated that this phase was a HCP structure. Figure 4b show the TEM BF image of the
interdendrite in CrFeCoNiNb0.5Mo0.5 alloy, inserts are the corresponding lattice image and FFT DP,
which were taken from the zone axis of [011]; and this FFT DP indicated an FCC structure.

(a)

(b)

Figure 4. TEM BF images of the phases in as-cast CrFeCoNiNb0.5Mo0.5 alloy: (a) an image of dendrite,
inserts are the corresponding lattice image and FFT DP taken from the zone axis of [2423] which shows
a HCP structure; (b) an image of interdendrite, inserts are the corresponding lattice image and FFT DP
taken from the zone axis of [011] which shows an FCC structure.

Figure 5a shows a TEM BF image of the dendrite of as-cast CrFeCoNiMo alloy, inserts are the
corresponding lattice image and FFT DP, which were taken from the zone axis of [001]. The image
indicated that the dendrite was a single phase. However, the lattice image indicated that the unit cell
of this phase had a large lattice constant of 8.398 Å. Therefore, the diffraction spots of the FFT DP
were very close which indicated that this phase had a large lattice constant. Additionally, the lattice
points from the lattice image showed only 1-fold symmetry and thus the unit cell had a SC structure
(i.e., an isometric cubic structure) with a large lattice constant. This also meant the SC structure had a
complex structure, this complex structure needs further investigation. Figure 5b displays the image of
the eutectic interdendrite in the as-cast CrFeCoNiMo alloy. Both of the corresponding lattice image
and FFT DP taken from the zone axis of [112] confirmed that the matrix of interdendrite was an
FCC structure.
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(a)

(b)

Figure 5. TEM BF images of the phases in as-cast CrFeCoNiMo alloy: (a) an image of dendrite, inserts
are the corresponding lattice image and FFT DP taken from the zone axis of [001] which shows a SC
structure; (b) an image of interdendrite, inserts are the corresponding lattice image and FFT DP taken
from the zone axis of [112] which shows an FCC structure.

The influence of niobium and molybdenum additions on the volume fractions of the dendrites
and interdendrites of these alloys were different. Table 3 lists the volume fraction of the dendrites of
as-cast CrFeCoNi(Nb,Mo) alloys. To determine of the volume fraction of dendrites was by drawing
arbitrary lines in photos and measuring the intercept lengths of intercepted dendrites. From this,
the volume fraction of the dendrites was calculated by the equation [19]:

Vd = Ld =
∑ La

LT
(1)

where Vd is the volume fraction of the dendrites, Ld is the linear fraction of the dendrites, La is
the intercepted length of each dendrite and LT is the total length. The results indicated that the
CrFeCoNiNb alloy had more volume fraction of dendrites; and molybdenum addition would decrease
the volume fraction of dendrites.
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Table 3. The volume fraction of the dendrites in the as-cast CrFeCoNi(Nb,Mo) alloys.

Alloys Volume Fraction of the Dendrites (vol.%)

CrFeCoNiMo 42 ± 6
CrFeCoNiNb0.5Mo0.5 36 ± 6

CrFeCoNiNb 68 ± 4

The overall hardness of as-cast CrFeCoNi(Nb,Mo) alloys and the microhardness of the dendrites
and interdendrites of the alloys are list in Table 4. The hardness of as-cast CrFeCoNi alloy only had
HV 144. However, the hardness increased sharply after additions of niobium and/or molybdenum.
Because of niobium and molybdenum had larger atomic radiuses. The atomic radiuses of Cr, Fe,
Co, Ni, Nb and Mo are 0.128, 0.124, 0.125, 0.125, 0.143 and 0.140 nm, respectively [20]. Therefore,
the hardness increased significantly because of the larger lattice distortion and forming the different
phases after additions of niobium and molybdenum. The interdendrites of the alloys had almost the
same hardness (about HV 400). The dendrites of the alloys were harder than the interdendrites (about
HV 700). The overall hardness of an alloy was contributed by the volume fractions of the dendrite
(the hard part) and the interdendrite (the soft part) in this alloy. Therefore, decreasing the volume
fraction of the hard part, that is, the dendrites, would result in decreasing the overall hardness of the
alloy. Both the dendrites and interdendrites of CrFeCoNiNb0.5Mo0.5 alloy had the highest hardness
but the overall hardness of this alloy was lowest among these alloys. This was contributed by the
lowest volume fraction of dendrite (the hard part) in the CrFeCoNiNb0.5Mo0.5 alloy. On the contrary,
the CrFeCoNiNb alloy had the highest volume fraction of dendrite and thus had the highest overall
hardness among these alloys.

Table 4. The hardness of the CrFeCoNi(Nb,Mo) alloys.

Alloys
Hardness

Overall Dendrite Interdendrite

CrFeCoNiMo 604 ± 8 692 ± 18 405 ± 9
CrFeCoNiNb0.5Mo0.5 533 ± 6 745 ± 10 412 ± 7

CrFeCoNiNb 652 ± 8 693 ± 23 398 ± 24

The polarization behaviors of the as-cast CrFeCoNi(Nb,Mo) alloys and 304 stainless steel in
1M deaerated H2SO4 solution at 30 ◦C are shown in Figure 6. The polarization data were also
compared with those of commercial 304 stainless steel (304SS) whose composition was by weight
71.61% Fe, 18.11% Cr, 8.24% Ni, 1.12% Mn, 0.75% Si, 0.05% Co, 0.02% Mo, 0.05% C, 0.03% P and
0.02% S. The important data of these polarization curves are listed in Table 5. The corrosion potential
(Ecorr) of CrFeCoNi(Nb,Mo) alloys were very close and all nobler than that of 304SS. Table 6 lists the
standard electrode potential of selected elements [21]. The standard electrode potential of niobium
is lower than that of molybdenum, which means that the niobium is more active than molybdenum.
Therefore, the CrFeCoNiMo alloy had the highest Ecorr and the CrFeCoNiNb alloy had the lowest
Ecorr among these three alloys. The polarization curve below Ecorr was the cathodic polarization curve;
and the curve above Ecorr was the anodic polarization curve. The corrosion current densities (icorr) of
CrFeCoNi(Nb,Mo) alloys were less or equal to the icorr of 304SS. The polarization curve of 304 stainless
steel displayed a large anodic peak; and the anodic peaks of CrFeCoNi(Nb,Mo) alloys were significantly
less than that of 304SS and thus CrFeCoNi(Nb,Mo) alloys had lower passivation potential (Epp) and
anodic critical current density (icrit). This meant that the CrFeCoNi(Nb,Mo) alloys were easy to enter
passivation regions and form passive films during corrosion in H2SO4 solution by comparing with
304 stainless steel. The large anodic peak of 304 stainless steel in H2SO4 solution was caused by
formation of iron hydroxide and higher oxides of iron and chromium [22]. The lowest current densities
of the passivation regions (ipass) of these alloys were around 10–20 A/cm2. Additionally, the main
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passivation region of CrFeCoNi(Nb,Mo) alloys were broader than that of 304SS. All of these alloys had
a similar breakdown potential (Eb) of about 1 V (SSE).

Figure 6. Polarization curves of CrFeCoNi(Nb,Mo) alloys and 304 stainless steel in 1 M deaerated
H2SO4 solution at 30 ◦C.

Table 5. Polarization data of CrFeCoNi(Nb,Mo) alloys and 304 stainless steel in 1 M deaerated H2SO4

solution at 30 ◦C.

Alloys
icorr

μA/cm2
Ecorr

V vs. SSE
Epp

V vs. SSE
icrit

mA/cm2
ipass

μA/cm2

CrFeCoNiNb 22.3 −0.290 −0.090 0.028 12.4
CrFeCoNiNb0.5Mo0.5 12.9 −0.256 −0.165 0.022 12.2

CrFeCoNiMo 30.0 −0.236 −0.174 0.013 18.9
304SS 30.0 −0.320 −0.140 0.930 17.2

Table 6. Standard electrode potential at 25 ◦C [21].

Reaction Electrode Potential (E◦ vs. SSE)

Cr, Cr3+ −0.962
Fe, Fe2+ −0.662
Co, Co2+ −0.449
Ni, Ni2+ −0.472

Nb, Nb3+ −1.322
Mo, Mo3+ −0.422

The micrographs of CrFeCoNi(Nb,Mo) alloys after the polarization test in 1 M deaerated H2SO4

solution at 30 ◦C are shown in Figure 7. Both of the dendrites and interdendrites of CrFeCoNiNb
alloy were significantly corroded after test, as shown in Figure 7a; but the FCC phase (the matrix of
interdendrite) was severely corroded than the HCP phase. On the contrary, only the FCC phase (the
matrix of interdendrite) of CrFeCoNiNb0.5Mo0.5 alloy was slightly corroded, the HCP phase almost
maintained its original shape, as shown in Figure 7b. This also proved that the CrFeCoNiNb0.5Mo0.5

alloy had the minimum icorr among these CrFeCoNi(Nb,Mo) alloys, as listed in Table 5. The micrograph
of CrFeCoNiMo alloy also displayed a severely corroded surface after polarization test, as shown
in Figure 7c. Also, the FCC phase (the matrix of interdendrite) was more corroded than the SC
phase. Therefore, in the local cells of the CrFeCoNi(Nb,Mo) alloys, the FCC phase in the interdendrites
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behaved as an anode and another phase (e.g., the HCP phase of CrFeCoNiNb and CrFeCoNiNb0.5Mo0.5

alloys and the SC phase of CrFeCoNiMo alloy) behaved as a cathode.

(a)

(b)

(c)

Figure 7. SEM micrographs of the alloys after polarization test in 1 M deaerated H2SO4 solution at
30 ◦C, (a) CrFeCoNiNb alloy; (b) CrFeCoNiNb0.5Mo0.5 alloy; and (c) CrFeCoNiMo alloy.

The polarization curves of the as-cast CrFeCoNi(Nb,Mo) alloys in 1 M deaerated NaCl solution at
30 ◦C are shown in Figure 8. The values of Ecorr and icorr of these alloys are listed in Table 7. All of
these data are also compared with commercial 304 stainless steel. The icorr of these four alloys were
also close. In addition, the Ecorr of the CrFeCoNi(Nb,Mo) alloys were very close and much nobler
than 304 stainless steel. However, the passivation regions of CrFeCoNi(Nb,Mo) alloys were much
broader than that of 304 stainless steel. Both of the CrFeCoNiMo and CrFeCoNiNb0.5Mo0.5 alloys
had significantly anodic peaks and passivation regions; but CrFeCoNiNb and 304 stainless steel
did not display anodic peaks. Adding Mo can reportedly increase the corrosion resistance of the
alloy in a solution that contains chloride ions because molybdenum can increase the stability of the
passivation films of steels [15,23]. The polarization curves of CrFeCoNi(Nb,Mo) alloys indicated that
the increasing of Mo-content resulted in forming anodic peak and passivation regions. In addition,
the cathodic limiting current densities (iL) were observed in the polarization curves of CrFeCoNiNb
and CrFeCoNiMo alloys. The cathodic limiting current density (iL) related to the maximum reaction
rate, which was limited by the diffusion rate of hydroxyl ions (OH−) in solution [18].
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Figure 8. Polarization curves of CrFeCoNi(Nb,Mo) alloys and 304 stainless steel in 1 M deaerated NaCl
solution at 30 ◦C.

Table 7. Polarization data (icorr and Ecorr) of CrFeCoNi(Nb,Mo) alloys and 304 stainless steel in 1 M
deaerated NaCl solution at 30 ◦C.

Alloys
icorr Ecorr

A/cm2 V vs. SSE

CrFeCoNiNb 1.2 −0.443
CrFeCoNiNb0.5Mo0.5 6.7 −0.477

CrFeCoNiMo 13.0 −0.489
304SS 12.9 −0.860

The micrographs of the as-cast CrFeCoNi(Nb,Mo) alloys after polarization test in 1 M deaerated
NaCl solution at 30 ◦C are shown in Figure 9. Similar to the results of these alloys tested in 1 M
deaerated H2SO4 solution at 30 ◦C, the major corroded areas of these alloys were the matrixes of the
interdendrites (FCC phase) of CrFeCoNi(Nb,Mo) alloys. On the contrary, almost no corrosion occurred
on the dendrites of these CrFeCoNi(Nb,Mo) alloys. Furthermore, no deep-type pitting was observed
indicated that these alloys had a good corrosion resistance in NaCl solution. This also proved that
molybdenum could improve the localized corrosion resistance.

(a)

Figure 9. Cont.
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(b)

(c)

Figure 9. SEM micrographs of the alloys after polarization test in 1 M deaerated NaCl solution at 30 ◦C,
(a) CrFeCoNiNb alloy; (b) CrFeCoNiNb0.5Mo0.5 alloy; and (c) CrFeCoNiMo alloy.

4. Conclusions

All of the CrFeCoNi(Nb,Mo) alloys displayed dendritic microstructures. The major two phases of
CrFeCoNiNb and CrFeCoNiNb0.5Mo0.5 alloys were the HCP and FCC phases, where the dendrites
were a single HCP phase. The major two phases of CrFeCoNiMo alloys were the SC and FCC phases,
where the dendrites were a single SC phase. All of the interdendrites in the CrFeCoNi(Nb,Mo) alloys
were eutectic structures.

The microhardness and overall hardness of CrFeCoNi(Nb,Mo) alloys increased by comparing
with CrFeCoNi alloy because the elements of niobium and molybdenum had larger atomic radiuses.
The microstructures significantly influenced the overall hardness of these alloys. The highest overall
hardness of CrFeCoNiNb alloy was caused by its larger volume fraction of the dendrites. On the
contrary, the lowest overall hardness of CrFeCoNiNb0.5Mo0.5 alloy was caused by its less volume
fraction of the dendrites.

The corrosion resistances of CrFeCoNi(Nb,Mo) alloys in 1M deaerated H2SO4 and NaCl solutions
were better than commercial 304 stainless steel. Additionally, the CrFeCoNiNb0.5Mo0.5 alloy had the
best corrosion resistances in these solutions form the polarization curves and the micrographs after
corrosion test. In these CrFeCoNi(Nb,Mo) alloys, the FCC phase behaved as an anode of the local
cell in the alloy and was thus severely corroded than another phase in 1M deaerated H2SO4 and
NaCl solutions.
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Abstract: The present work investigates the influence of micro-alloyed Mo on the corrosion behavior
of (CoCrFeNi)100−xMox high-entropy alloys. All of the (CoCrFeNi)100−xMox alloys exhibit a single
face-centered cubic (FCC) solid solution. However, the (CoCrFeNi)97Mo3 alloy exhibits an ordered
sigma (σ) phase enriched in Cr and Mo. With the increase of x (the Mo content) from 1 to 3, the
hardness of the (CoCrFeNi)100−xMox alloys increases from 124.8 to 133.6 Vickers hardness (HV),
and the compressive yield strength increases from 113.6 MPa to 141.1 MPa, without fracture under
about a 60% compressive strain. The potentiodynamic polarization curve in a 3.5% NaCl solution
indicates that the addition of Mo has a beneficial effect on the corrosion resistance to some certain
extent, opposed to the σ phase. Furthermore, the alloys tend to form a passivation film in the 0.5 M
H2SO4 solution in order to inhibit the progress of the corrosion reaction as the Mo content increases.

Keywords: (CoCrFeNi)100−xMox alloys; high entropy alloy; microstructure; mechanical properties;
corrosion behavior

1. Introduction

Traditional alloys only have one major element as a matrix [1]. With the increase of the amount
of alloying elements and the concentration of minor elements, the alloy forms a fragile intermetallic
phase, which not only increases the difficulty of the microstructure, but also may result in a reduction
in the mechanical performance [2–4]. To overcome these difficulties, high entropy alloys (HEAs) are
invented with extensive research interests; HEAs usually compose of five or more kinds of major
elements, with the concentration of each principal element being between 5 and 35 at % [5–7]. HEAs
tend to generate a face-centered cubic (FCC), body-centered cubic (BCC), or hexagonal closed-packed
(HCP) multicomponent solid solution phase [8,9]. Some HEAs have been confirmed to achieve a series
of excellent properties, such as high strength, high hardness, and glorious corrosion resistance [10–12].

The CoCrFeNi alloy has received extensive attention for its outstanding corrosion resistance,
ductility, and structure stability [13,14]. However, because of the poor mechanical strength, the
application of the CoCrFeNi alloy in engineering has been limited. It has been shown that an
ordered σ strengthening phase can be formed by a certain amount of Mo additives, resulting in
precipitation strengthening [15–17]. However, the excessive addition of Mo causes a large amount
of the coarse σ strengthening phase, which may lead to a rapid increase of the alloy brittleness.
Furthermore, because of the low electronic potential of Mo, the excessive content of Mo may reduce
the corrosion resistance [18–20]. Referring to the chemical composition of austenitic stainless steel,
the content of Mo in stainless steel is generally less than 3 wt %. Therefore, we also supply a small
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amount of Mo in addition to the CoCrFeNi alloy, in order to study the corrosion resistance of the
(CoCrFeNi)100−xMox alloy for the development of an HEA system, with a good performance of both
strength and corrosion resistance.

In this paper, the as-cast (CoCrFeNi)100−xMox (x =1, 2, and 3 wt %) HEAs have been
prepared mainly by vacuum arc melting. The excellent corrosion behavior was investigated by
the electrochemical experiments.

2. Materials and Methods

2.1. Samples Fabrication

Elements Co, Cr, Fe, Ni, and Mo with purities of over 99.9 wt % were prepared as raw materials
previously. The as-cast (CoCrFeNi)100−xMox (x = 1, 2, and 3, represented by Mo1, Mo2, and Mo3,
respectively) were prepared by vacuum arc melting and were fabricated under the WK-∏ vacuum arc
melting furnace at least five times in the crucible, so as to ensure the chemical homogeneity. The size
of the ingot was approximately Φ 35 × 10 mm, and the ingot was annealed for 3 h under 500 ◦C and
was cooled in the air so as to release the residual stress caused by rapid cooling during casting.

2.2. Microstructure of the (CoCrFeNi)100−xMox Alloys

The crystalline phases of the (CoCrFeNi)100−xMox alloys were identified by X-ray diffraction
(XRD), using an Ultima IV X-ray diffractometer with Cu Kα radiation. The X-ray diffractometer has an
operating voltage of 30 kV and an operating current of 20 mA with the diffraction angle (2θ) from 20 to
90◦, at a scanning rate of 4◦/min.

Etching the (CoCrFeNi)100−xMox alloys with aqua regia (HNO3: HCl = 1:3, volume fraction)
and using FE-SEM JEOL JEM-7600F scanning-electron microscopy (SEM) (JEOL Ltd., Tokyo, Japan)
equipped with an energy dispersive spectrometer (EDS) allowed for an analysis of the microstructure
and composition.

2.3. Mechanical Properties

The microhardness was measured using a Wolpert-401MVD Vickers hardness tester (WOLPERT
Co., Norwood, MA, USA) with loads of 500 g and a duration of 10 s. The measurements were
performed at 10 different locations on each sample, and the average value of the 10 measurements was
calculated. Compressive tests were carried out on the Φ 3 × 6 mm samples, using the universal testing
machine (CMT 4305) (MTS Co., Eden Prairie, MN, USA) with a strain rate of 10−3 s−1.

2.4. Electrochemical Corrosion Test

The electrochemical experiments were performed on (CoCrFeNi)100−xMox alloys, using the
Potentiostat Workstation Versa STAT MC (PARSTAT 4000, AMETEK Co., Princeton, NJ, USA).
A three-electrode electrochemical cell using a saturated calomel electrode (SCE) as a reference electrode,
a platinum plate as an auxiliary electrode, and a sample as a working electrode were tested. The
electrochemical experiments of the (CoCrFeNi)100−xMox alloys were conducted in a 3.5% NaCl
and 0.5 M H2SO4 solution at room temperature, respectively. The potentiodynamic polarization
measurements were taken at a scan rate of 1 mV/s from a potential scanning range of −0.5 V to 1.1 V.

2.5. Corroded Microstructure

The electrochemically tested alloys were cleaned using an ultrasonic cleaner, and then dried
in nitrogen. SEM and EDS were used to study the morphology of the corrosion surface of the
high-entropy alloys.
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3. Results and Discussion

3.1. Microstructure of the (CoCrFeNi)100−xMox Alloys

Figure 1 represents the XRD pattern of the (CoCrFeNi)100−xMox (x = 1, 2, 3) alloys. All of
the samples of alloys have a single FCC solid solution structure, which was confirmed by the
predecessors [21]. As the Mo content increases, the peak intensity changes, but the FCC phase
is kept. As the Mo content becomes 3 wt % (Mo3 structure), the small peak on the left of the matrix
FCC phase in the XRD patterns is identified as Cr and Mo rich σ phase, which agrees with the previous
remarks [22].

 
Figure 1. XRD (X-ray diffraction) patterns of the (CoCrFeNi)100−xMox (x = 1, 2, 3) high entropy alloys.

The SEM images of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys presented in Figure 2 shows
that the alloys are composed of typical dendritic structures. Region A is interdendrites and region B
is dendrites. Figure 2c presents the SEM image of the Mo3 alloy, and region D is the grain boundary.
Figure 2d is a part of the SEM of the Mo3 alloy. The EDS results of the (CoCrFeNi)100−xMox alloys are
shown in Table 1. According to the EDS, the dendrite is the Co and Fe rich phase, and the interdendrite
is the Cr and Mo rich phase. Combined with the XRD and EDS results, the Mo3 alloy exhibits Cr and
Mo rich σ phase in the interdendrite. When the content of Mo is 1 and 2 wt %, there is no formation of
a precipitate phase in the alloy because of the high entropy effect. However, HEAs undergo spinodal
decomposition inside the crystal grains during cooling, leading to the formation of microstructures
with the same structure but different compositions.

 
Figure 2. SEM (scanning-electron microscopy) images of the (CoCrFeNi)100−xMox high-entropy alloys:
(a) x = 1; (b) x = 2; (c) x = 3; (d) 10 × magnification.
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Table 1. Element concentration determined using the energy dispersive spectrometer (EDS) of the
three samples of the (CoCrFeNi)100−xMox alloys (at %).

Element Cr Fe Co Ni Mo

Mo1
Dendrite 25.25 23.54 26.07 24.53 0.61

interdendrite 27.69 22.31 24.03 24.94 1.04

Mo2
Dendrite 26.02 25.17 24.55 23.56 0.69

interdendrite 27.20 23.20 23.33 23.87 2.40

Mo3
Dendrite 24.99 23.47 25.28 24.96 1.31

interdendrite 26.82 22.54 24.81 24.35 1.50

3.2. Mechanical Properties

Figure 3 shows the Vickers hardness (HV) of the (CoCrFeNi)100−xMox alloys as a function of the
Mo content. The alloy hardness increases from 124.83 to 133.60 HV, with the Mo content increasing
from 1 to 3 wt %. When the content of the Mo element is 3 wt %, the presence of the σ phase results in
a remarkable increase in the hardness.

Figure 3. Vickers hardness of the (CoCrFeNi)100−xMox high-entropy alloys as a function of the
Mo content.

Besides the hardness, we have examined the stress–strain relationships. The compressive
stress–strain curves and the inner longitudinal-section SEM images of the (CoCrFeNi)100−xMox (x = 1,
2, and 3) alloys are shown in Figure 4. After yielding, the strength of the alloys increases continuously.
All of the three samples do not break under about a 60% compressive strain, indicating that the alloys
possess a good ductility, flexibility, and fracture strain. As shown in Figure 4b–d, the deformation
of the Mo3 subgrain boundaries is more prominent in the angle of 45◦, probably due to the resolved
shear stress.

Table 2 lists the mechanical properties of the (CoCrFeNi)100−xMox alloys. The Mo1 and Mo2

alloys exhibit a similar behavior. The yield stress of the Mo3 alloy increases significantly because of the
second-phase hardening by the σ phase, as reported in the literature [23,24].
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Figure 4. (a) Compressive stress–strain curves and the inner longitudinal-section SEM images of the
(CoCrFeNi)100−xMox alloys after compression deformation: (b) x = 1; (c) x = 2; (d) x = 3.

Table 2. Mechanical properties (yield stress, compressive strength, and fracture strain) of the
(CoCrFeNi)100−xMox alloys for x = 1, 2, and 3 as Mo1, Mo2, and Mo3, respectively.

Alloy Yield Stress σy (MPa) Compressive Strength σmax (MPa) Fracture Strain εp (%)

Mo1 113.6 Not fractured >60
Mo2 119.7 Not fractured >60
Mo3 141.1 Not fractured >60

3.3. Environmental Effect on Corrosion Behavior

3.3.1. Corrosion Behavior in Chloride-Containing Solutions

Figure 5 lists the polarization curve of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys in a 3.5%
NaCl solution. The corrosion potential of the alloys gradually shifts to more positive potentials with a
decreasing Mo content.

Table 3 presents the electrochemical parameters of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys
in a 3.5% NaCl solution. The corrosion current densities (icorr) of the Mo1, Mo2, and Mo3 alloys were 0.4,
0.24, and 6.6 μA/cm2, and the corrosion potentials (Ecorr) were −199, −277, and −493 mV, respectively.
The breakdown potential (Eb) gradually shifts to more positive potentials. Epit is a primary passivation
potential. ΔE is the passive region width, defined as the difference between the Eb and Epit. The icorr

value of the Mo3 alloy is an order of magnitude higher than the other two. The corrosion resistance of
Mo3 was dropped. Therefore, the presence of the Cr and Mo rich σ phase in the Mo3 alloy leads to the
diminution of the corrosion resistance.
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Figure 5. Polarization curves of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys in a 3.5% NaCl solution.

Table 3. Electrochemical parameters of the (CoCrFeNi)100−xMox alloys in a 3.5% NaCl solution.

Alloy Ecorr (mV) Icorr (μA/cm2) Eb (mV) Epit (mV) ΔE (mV)

Mo1 −199 0.402 992 −5 997
Mo2 −277 0.235 968 −108 1076
Mo3 −493 6.610 1053 −358 1411

Figure 6 presents the microstructure of the (CoCrFeNi)100−xMox alloys after potentiodynamic
polarization in a 3.5% NaCl solution. DR is dendrite and IR is interdendrite. According to the SEM
images, the majority of types of corrosion were mainly the pitting corrosion. The Mo3 alloy is more
susceptible to pitting corrosion, which is consistent with the polarization curve results. Region A is
a Cr-rich phase and region B is a Mo-rich phase. There is an element of segregation that causes the
corrosion to occur. The interdendritic phase of Mo3 is the Cr- and Mo-rich phase, and the dendrite
is a Cr- and Mo-depleted phase. Therefore, galvanic corrosion occurred at the junctions of dendrites.
The XRD and SEM result show that the Mo and Cr rich σ phase appeared inside the interdendrite, the
corrosion occurred at the interfaces around σ phase, as shown in Figure 6c,d. The results of the EDS of
the alloy after corrosion are summarized in Table 4.

 
Figure 6. SEM images of (CoCrFeNi)100−xMox after potentiodynamic polarization in a 3.5% NaCl
solution: (a) x = 1; (b) x = 2; (c) x = 3; (d) the interdendrite morphology of the Mo3 alloy.
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Table 4. EDS results for the Mo3 alloy after the potentiodynamic polarization in a 3.5% NaCl solution.

Element Region Cr (%) Fe (%) Co (%) Ni (%) Mo (%)

Mo1
A 26.17 24.56 23.32 25.01 0.93
B 30.79 23.79 22.87 22.51 0.04

Mo2
A 26.44 23.72 24.32 23.83 1.70
B 35.81 23.79 19.78 20.11 0.52

Mo3
DR 24.96 25.21 24.72 24.88 0.23
IR 29.06 23.21 22.43 22.76 2.54

3.3.2. Corrosion Behavior in Acid Solutions

Figure 7 shows the polarization curve of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys in 0.5 M
H2SO4. Table 5 presents the electrochemical parameters of the (CoCrFeNi)100−xMox (x = 1, 2, and
3) alloys in 0.5 M H2SO4. The ipp is the lunt current density. It can be seen from the electrochemical
parameters that the icorr was 34.1, 28.0, and 15.4 μA/cm2, respectively. The Ecorr shifted to more positive
potentials, and the icorr value dropped as the Mo content increased. This suggests that the alloys tend
to form a passivation film to inhibit the progress of the corrosion reaction.

Figure 7. Polarization curves of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys in a 0.5 M
H2SO4 solution

Table 5. Electrochemical parameters of the (CoCrFeNi)100−xMox alloys in a 0.5 M H2SO4 solution.

Alloy Ecorr (mV) Icorr (μA/cm2) Epp (mV) ipp (μA/cm2) ΔE (mV)

Mo1 −294 34.1 −225 117 655
Mo1 −290 28.0 −225 68 681
Mo1 −279 15.4 −239 25 751

Figure 8 shows the SEM microstructure of the (CoCrFeNi)100−xMox alloys after potentiodynamic
polarization in a 0.5 M H2SO4 solution, combined with EDS, because the low potential of Mo is
enriched and the Cr2O3 is insufficient in region A. Consequently, region A is more susceptible to
corrosion in the H2SO4 solution. When the content of Mo is 3 wt %, as Figure 8c indicates, the results
of the EDS analysis show that the concentration of element Cr in region A is reduced, and the content
of Mo in region B is significantly higher than that in region A, the effect of Mo was to form Mo (VI)
oxyhydroxide or molybdate (MoO4

2−), decreasing the rate of dissolution in active zones. Hence, the
corrosion of the Mo3 alloy is concentrated in region A.
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Figure 8. SEM images of (CoCrFeNi)100−xMox after potentiodynamic polarization in a 0.5 M H2SO4

solution: (a) x = 1; (b) x = 2; (c) x = 3; (d) partial view of the Mo3 alloy.

Figure 9a shows the comparison of the corrosion behavior between the HEAs and the conventional
corrosion resistant alloys in a 3.5% NaCl solution, compared with those of the conventional corrosion
resistant alloys [25,26]. The HEAs are located in the upper part of Figure 9a, the Ecorr of the HEAs
are more positive than those of the Mn alloys, Ni alloys, and some of the Ti alloys. On the other
hand, the icorr of the HEAs are much lower than some of Mn alloys and are comparable with the Ti
alloys, which indicates that the corrosion resistance of the HEAs is comparable or even better than
those of the conventional alloys. However, the partial icorr of the HEAs is higher than that of the total,
because the presence of the σ phase is catastrophic for HEAs. Figure 9b presents the comparison of
the corrosion behavior between the HEAs and the conventional corrosion resistant alloys in the 0.5 M
H2SO4 solution. Compared with the conventional alloys [27,28], the Ecorr of the HEAs are much more
positive than those of the Ti alloys and Ni alloys. The icorr of the HEAs are much lower than the Ti
alloys, Ni alloys, and some of the Cu alloys. As a general trend, the corrosion resistance of the HEAs in
the 0.5 M H2SO4 solution is better than those of the conventional alloys.

Figure 9. Comparison of the icorr and Ecorr between high entropy alloys (HEAs) and conventional
alloys: (a) in a 0.5 M NaCl solution; (b) in a 0.5 M H2SO4 solution.

4. Conclusions

The (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys have been synthesized. Their microstructures,
mechanical properties, and corrosion behaviors have been experimentally investigated. The
microstructures of the (CoCrFeNi)100−xMox (x = 1, 2, and 3) alloys belong to a single FCC structure. The
increase in Mo promotes the formation of the Cr- and Mo-rich σ phase. The hardness and compressive
yield strength increase obviously with an increase of the Mo content from 1 to 3 wt %. Regarding the
potentiodynamic polarization curves of the (CoCrFeNi)100−xMox alloys in a 3.5% NaCl solution, the
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curves of the Mo1 and Mo2 alloys indicated that the increase of the Mo content increases the corrosion
resistance of the chloride environment to some extent. However, the Cr and Mo rich σ phase is present
at the grain boundary of the Mo3 alloy, resulting in a decreasing in corrosion resistance in the 3.5%
NaCl solution. Furthermore, the potentiodynamic polarization curves of the (CoCrFeNi)100−xMox

alloys in the 0.5 M H2SO4 solution yielded an extensive passive region, and as the content of the Mo
increased, the corrosion current density gradually decreased. Therefore, in an acidic solution, the
addition of Mo has a positive effect on the corrosion resistance of the (CoCrFeNi)100−xMox alloys.

Author Contributions: Conceptualization, W.W.; formal analysis, J.W.; methodology, J.W. and W.Q.; resources,
W.W.; writing (original draft), J.W.; writing (review and editing), J.W., H.Y. and Q.P.

Funding: The authors are grateful for the financial support provided by the Fundamental Research Funds for
the Central Universities (FRF-TP-16-044A1 and FRF-GF-17-B18) and the National Natural Science Foundation of
China (21703007).

Acknowledgments: The authors would like to thank the project team assistance with funding. Many thanks to
the tutor for his thoughtful and thorough guidance.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Peng, Q.; Meng, F.; Yang, Y.; Lu, C.; Deng, H.; Wang, L.; De, S.; Gao, F. Shockwave generates <100> dislocation
loops in bcc iron. Nat. Commun. 2018, 9, 4880. [CrossRef] [PubMed]

2. Ye, Q.; Feng, K.; Li, Z.; Lu, F.; Li, R.; Huang, J.; Wu, Y. Microstructure and corrosion properties of CrMnFeCoNi
high entropy alloy coating. Appl. Surface Sci. 2017, 396, 1420–1426. [CrossRef]

3. Shun, T.T.; Chang, L.Y.; Shiu, M.H. Age-hardening of the CoCrFeNiMo0.85 high-entropy alloy. Mater. Charact.
2013, 81, 92–96. [CrossRef]

4. Senkov, O.N.; Zhang, F.; Miller, J.D. Phase composition of a CrMo0.5NbTa0.5TiZr high entropy alloy:
Comparison of experimental and simulated data. Entropy 2013, 15, 3796–3809. [CrossRef]

5. Qiu, X.W.; Zhang, Y.P.; He, L.; Liu, C.-G. Microstructure and corrosion resistance of AlCrFeCuCo high
entropy alloy. J. Alloys Compd. 2013, 549, 195–199. [CrossRef]

6. Zhang, Y.; Tang, T.T.Z.Z.; Gao, M.C.; Dahmen, K.A.; Liaw, P.K.; Lu, Z.P. Microstructures and properties of
high-entropy alloys. Prog. Mater. Sci. 2014, 61, 1–93. [CrossRef]

7. Tung, C.C.; Yeh, J.W.; Shun, T.-T.; Chen, S.K.; Huang, Y.S.; Chen, H.C. On the elemental effect of
AlCoCrCuFeNi high-entropy alloy system. Mater. Lett. 2007, 61, 1–5. [CrossRef]

8. Yeh, J.W. Recent progress in high entropy alloys. Ann. Chim. Sci. Mat. 2006, 31, 633–648. [CrossRef]
9. Zhang, H.; Pan, Y.; He, Y.Z. Synthesis and characterization of FeCoNiCrCu high-entropy alloy coating by

laser cladding. Mater. Des. 2011, 32, 1910–1915. [CrossRef]
10. Chen, Y.; Duval, T.; Hung, U.; Yeh, J.; Shih, H. Microstructure and electrochemical properties of high entropy

alloys—A comparison with type-304 stainless steel. Corros. Sci. 2005, 47, 2257–2279. [CrossRef]
11. Qiu, X.-W.; Wu, M.J.; Liu, C.G.; Zhang, Y.P.; Huang, C.-X. Corrosion performance of Al2CrFeCoxCuNiTi

high-entropy alloy coatings in acid liquids. J. Alloys Compd. 2017, 708, 353–357. [CrossRef]
12. Zhang, Y.; Yan, X.H.; Liao, W.B.; Zhao, K. Effects of nitrogen content on the structure and mechanical

properties of (Al0.5CrFeNiTi0.25) Nx high-entropy films by reactive sputtering. Entropy 2018, 20, 624.
[CrossRef]

13. Hsu, Y.J.; Chiang, W.C.; Wu, J.K. Corrosion behavior of FeCoNiCrCux high-entropy alloys in 3.5% sodium
chloride solution. Mater. Chem. Phys. 2005, 92, 112–117. [CrossRef]

14. Shi, Y.; Yang, B.; Liaw, P.K. Corrosion-resistant high-entropy alloys: A review. Metals 2017, 7, 43. [CrossRef]
15. Zhu, J.; Zhang, H.; Fu, H.; Wang, A.; Li, H.; Hu, Z. Microstructures and compressive properties of

multicomponent AlCoCrCuFeNiMox alloys. J. Alloys Compd. 2010, 497, 52–56. [CrossRef]
16. Zhu, J.; Fu, H.; Zhang, H.; Wang, A.; Li, H.; Hu, Z. Microstructures and compressive properties of

multicomponent AlCoCrFeNiMox alloys. Mater. Sci. Eng. A 2010, 527, 6975–6979. [CrossRef]
17. Miao, J.; Guo, T.; Ren, J.; Zhang, A.; Su, B.; Meng, J. Optimization of mechanical and tribological properties

of FCC CrCoNi multi-principal element alloy with Mo addition. Vacuum 2018, 149, 324–330. [CrossRef]

275



Entropy 2018, 20, 908

18. Nilsson, J.O.; Kangas, P.; Wilson, A.; Karlsson, T. Mechanical properties, microstructural stability and kinetics
of σ-phase formation in 29Cr-6Ni-2Mo-0.38 N superduplex stainless steel. Metall. Mater. Trans. A 2000, 31,
35–45. [CrossRef]

19. Lopez, N.; Cid, M.; Puiggali, M. Influence of o-phase on mechanical properties and corrosion resistance of
duplex stainless steels. Corros. Sci. 1999, 41, 1615–1631. [CrossRef]

20. Schwind, M.; Källqvist, J.; Nilsson, J.O.; Ågren, J.; Andrén, H.O. σ-phase precipitation in stabilized austenitic
stainless steels. Acta Mater. 2000, 48, 2473–2481. [CrossRef]

21. Tsau, C.H.; Tsai, M.C. The effects of Mo and Nb on the microstructures and properties of CrFeCoNi (Nb, Mo)
alloys. Entropy 2018, 20, 648. [CrossRef]

22. Chou, Y.; Yeh, J.; Shih, H. The effect of molybdenum on the corrosion behaviour of the high-entropy alloys
Co1.5CrFeNi1.5Ti0.5Mox in aqueous environments. Corros. Sci. 2010, 52, 2571–2581. [CrossRef]

23. Zhang, L.; Yu, P.; Zhang, M.; Liu, D.; Zhou, Z.; Ma, M.; Liaw, P.; Li, G.; Liu, R. Microstructure and mechanical
behaviors of GdxCoCrCuFeNi high-entropy alloys. Mater. Sci. Eng. A 2017, 707, 708–716. [CrossRef]

24. Li, T.; Liu, B.; Liu, Y.; Guo, W.; Fu, A.; Li, L.; Yan, N.; Fang, Q. Microstructure and mechanical properties of
particulate reinforced NbMoCrTiAl High Entropy based composite. Entropy 2018, 20, 517. [CrossRef]

25. Wu, C.; Zhang, S.; Zhang, C.; Zhang, H.; Dong, S. Phase evolution and cavitation erosion-corrosion behavior
of FeCoCrAlNiTix high entropy alloy coatings on 304 stainless steel by laser surface alloying. J. Alloys Compd.
2017, 698, 761–770. [CrossRef]

26. Qiu, X.W.; Liu, C.G. Microstructure and properties of Al2CrFeCoCuTiNix high-entropy alloys prepared by
laser cladding. J. Alloys Compd. 2013, 553, 216–220. [CrossRef]

27. Lee, C.; Chang, C.; Chen, Y.; Yeh, J.; Shih, H. Effect of the aluminium content of AlxCrFe1.5MnNi0.5

high-entropy alloys on the corrosion behaviour in aqueous environments. Corros. Sci. 2008, 50, 2053–2060.
[CrossRef]

28. Xiao, D.; Zhou, P.; Wu, W.; Diao, H.; Gao, M.; Song, M.; Liaw, P. Microstructure, mechanical and corrosion
behaviors of AlCoCuFeNi-(Cr, Ti) high entropy alloys. Mater. Des. 2017, 116, 438–447. [CrossRef]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

276



entropy

Article

Effect of Zr Addition on the Microstructure and
Mechanical Properties of CoCrFeNiMn High-Entropy
Alloy Synthesized by Spark Plasma Sintering

Hongling Zhang 1, Lei Zhang 1, Xinyu Liu 2, Qiang Chen 1 and Yi Xu 1,*

1 School of materials Science & Engineering, Southwest Jiaotong University, Chengdu 610031, China;
zhanghl@my.swjtu.edu.cn (H.Z.); zhanglei_5367@163.com (L.Z.); 18684016703@163.com (Q.C.)

2 Chengdu Advanced Metal Materials Industry Technology Research Institute Co., Ltd, Chengdu 610031,
China; cgvermouth@gmail.com

* Correspondence: xybwbj@swjtu.cn; Tel.: +86-28-87600782

Received: 12 September 2018; Accepted: 16 October 2018; Published: 23 October 2018

Abstract: As a classic high-entropy alloy system, CoCrFeNiMn is widely investigated. In the present
work, we used ZrH2 powders and atomized CoCrFeNiMn powders as raw materials to prepare
CoCrFeNiMnZrx (x = 0, 0.2, 0.5, 0.8, 1.0) alloys by mechanical alloying (MA), followed by spark
plasma sintering (SPS). During the MA process, a small amount of Zr (x ≤ 0.5) can be completely
dissolved into CoCrFeNiMn matrix, when the Zr content is above 0.5, the ZrH2 is excessive. After SPS,
CoCrFeNiMn alloy is still as single face-centered cubic (FCC) solid solution, and CoCrFeNiMnZrx

(x ≥ 0.2) alloys have two distinct microstructural domains, one is a single FCC phase without
Zr, the other is a Zr-rich microstructure composed of FCC phase, B2 phase, Zr2Ni7, and σ phase.
The multi-phase microstructures can be attributed to the large lattice strain and negative enthalpy
of mixing, caused by the addition of Zr. It is worth noting that two types of nanoprecipitates
(body-centered cubic (BCC) phase and Zr2Ni7) are precipitated in the Zr-rich region. These can
significantly increase the yield strength of the alloys.

Keywords: high-entropy alloy; mechanical alloying; spark plasma sintering; nanoprecipitates;
mechanical properties

1. Introduction

During the past few years, high-entropy alloys (HEAs), a type of multi-principal-element alloy,
have drawn widespread attention form worldwide material scientists [1–3]. Compared to conventional
alloys, which are composed of one or two major elements, HEAs usually contain 5–13 principal
elements, and the content of each component is between 5 and 35 at.% [4]. Due to the high mixing
entropy in the multi-component alloy systems, HEAs generally form a simple face-centered cubic (FCC)
or body-centered cubic (BCC) structure solid solution and exhibit many novel properties, for example,
superb mechanical properties [5,6], outstanding resistances to wear [7], oxidation [8] and corrosion [9],
as well as a good temperature stability [10]. Therefore, the concept of HEAs provides a new approach
to design alloys with excellent properties to meet different environmental requirements.

Casting [11] and powder metallurgy [12] are two common methods for preparing HEAs.
For casting, there are two kinds of defects which are the vaporization of low melting-point elements
and the elements segregation in the ingot [13]. For powder metallurgy, the HEAs can be prepared
by MA and then consolidated. The HEAs powders prepared by MA are uniform and fine, and even
form nanocrystalline. Hence a rapid sintering is needed to maintain this microstructure [14]. SPS is
a new field-assisted sintering technique which can effectively suppress the grain coarsening by rapid
heating and efficient densification in a few minutes [15–17]. Compared with MA, gas atomization
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can produce more homogeneous powders. The preparation of HEAs powders by gas atomization
is a rapid solidification process [18], in which grain growth and element segregation are inhibited,
and the high cooling rate even leads to the formation of an amorphous phase [14].

In the previous studies, two classical HEAs, CoCrFeNiMn with a single FCC phase and
AlCoCrFeNi with a single BCC phase, have been extensively studied. Among these studies, there are
lots of experiments that have explored the influence of alloying elements such as Mo [5], Nb [6], Ti [19],
Si [20], and Zr [21] on the microstructure and properties of AlCoCrFeNi. The addition of these alloying
elements leads to the formation of intermetallic compounds and significantly improves the yield
strength of AlCoCrFeNi. For example, after the addition of Zr, Laves phase appears in the BCC-phase
matrix, the yield strength of AlCoCrFeNi increases from 1320 MPa to 1560 MPa, and the plastic
strain increases from 22.5% to 29.5%. It is feasible to change the phase composition and improve the
mechanical properties of AlCoCrFeNi by adding an alloying element. However, there are little similar
data on the CoCrFeNiMn alloy [22,23]. In the present work, the CoCrFeNiMn alloy was selected as the
matrix and the effect of Zr addition was investigated. There are several reasons for choosing Zr as an
alloying element. Firstly, both Zr and Ti are located in the same family in the periodic table of elements,
so they have some similar physico-chemical properties. In previous research, the addition of Ti can
result in precipitates and improve the superplasticity of CoCrFeNiMn [23]. Secondly, the large atomic
size difference and negative enthalpies of mixing [24] between Zr and other constituent elements can
produce a strong lattice distortion and even change the phase composition, which may improve the
mechanical properties of the CoCrFeMnNi.

In this paper, we focused on the novel high-entropy alloy system of CoCrFeNiMnZrx (x = 0, 0.2,
0.5, 0.8, 1.0). First of all, CoCrFeNiMn metallic powders were prepared by gas atomization, and then,
Zr derived from the in-situ dehydrogenation of ZrH2 powders was solid-dissolved into CoCrFeNiMn
by MA. The CoCrFeNiMnZrx alloy powders were subsequently sintered by SPS. The alloying behavior,
microstructures, and mechanical properties of both powders and sintered alloys were investigated.

2. Experimental

Equimolar ratio CoCrFeNiMn powders were prepared by gas atomization with high purity Ar.
The atomization pressure was 4 MPa. Then, using CoCrFeNiMn powders and ZrH2 powders as raw
materials, the CoCrFeNiMnZrx (x values in molar ratio, x = 0, 0.2, 0.5, 0.8 and 1.0, denoted by Zr0, Zr0.2,
Zr0.5, Zr0.8, and Zr1.0, respectively) alloys in nominal compositions were prepared by high-energy
ball milling (referred as MA) and SPS. The reaction (ZrH2 = Zr(s) + H2(g)) occurs during MA and
SPS. In this experiment, the mixed powders and zirconia balls (5 mm and 10 mm in diameter with
the mass ration of 1:1) were put into stainless-steel vials at a mass ratio of 10:1, then mounted on
a planetary ball miller (QM-S3P4, Nanjing NanDa Instrument Plant, Nanjing, China) and milled at
a rate of 300 rpm under the protection of argon gas. All the mixed powders were milled for 30 h and
stopped for 10 min every 20 min to prevent the powders from overheating. Beforehand, in order to
study the alloying behavior, mixed Zr0.5 alloy powders were milled for 50 h, and a small amount
of powder was taken every 10 h for X-ray diffraction tests. Finally, the gas-atomized CoCrFeNiMn
powders without ball milling (Zr0w) and the alloy powders with 30 h of ball milling were sintered by
SPS (Dr. Sinter-3.20 MKII, SCM, Japan) at 900 ◦C for 8 min under a uniaxial pressure of 40 MPa with
a vacuum of 1 × 10–3 Pa. The sintered columnar samples have a diameter of 30 mm and a height of
10 mm.

The oxygen content of the CoCrFeNiMn powder was analyzed by the fusion method on an O/N
analyzer (736 series, LECO, Saint Joseph, MI, USA). X-ray diffraction with Cu Kα radiation (XRD,
XPertPowder, PANalytical, Almelo, Netherlands) was used to analyze the phase composition of the
alloy powder and bulk at a speed of 4◦/min, and the 2 thetas ranging from 20◦ to 100◦. The PDF-2
2004 database was used for the phase assignment. The morphology and chemical composition were
characterized by scanning electron microscopy (SEM, Quanta, FEI, Hillsboro, TX, USA) equipped
with energy dispersive spectrometry (EDS, Inca X-Max, Oxford instruments, Oxford, UK) operating
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at 20 kV. Cuboidal specimens with a side length of 10 mm and a height of 5 mm were cut from
sintered samples and then ground and polished for SEM and EDS analyses. The crystal structure was
identified by transmission electron microscopy (TEM, JEM2100F, JEOL, Tokyo, Japan) operating at 200
kV. The disc-shaped TEM samples with a diameter of 3 mm were electropolished (TenuPol-5, Struers,
Ballerup, Denmark) in an electrolyte composed of 20 vol.% perchloric acid and 80 vol.% methanol
at −15 ◦C, and the applied voltage and current were 60 mV and 80 mA, respectively. Archimedes’
method was used to measure the density of samples. Cylindrical specimens (7 mm in height and
3.5 mm in diameter) were used for the compressive tests (810 series, MTS, Minneapolis, MN, USA) at
room temperature. Samples of each composition were tested for 3 times.

3. Results and Discussion

3.1. Phase and Microstructure of the Gas Atomized HEA Powders

The chemical analysis of the atomized HEA powder is shown in Table 1. As can be seen,
the composition of the CoCrFeNiMn powder prepared by gas atomization was consistent with the
nominal composition. The low oxygen content of the powder means that very little oxidation occurred
during the atomization. The XRD pattern indicates the formation of the CoCrFeNiMn HEA powders
with a single FCC phase (Figure 1a). The morphology and microstructure of the gas-atomized powders
are depicted in Figure 1b,c. The atomized powders are spherical or quasi-spherical in diameter,
ranging from 5 to 150 μm, and a small amount of fine powders adhere to the surface of large powders
to form satellite structures. During the process of gas atomization, solidified fine droplets can easily
adhere to the surface of large droplets that remain molten. The zoom-in image indicates that the
microstructure consists of cellular and dendritic structures at a submicron scale.

Table 1. The chemical compositions of the gas atomized CoCrFeNiMn high-entropy alloy (HEA) powder.

Elements Co Cr Fe Ni Mn O

at.% 20.12 18.85 19.45 20.05 19.71 0.0365

Figure 1. The X-ray diffraction (XRD) pattern (a), morphology (b) and microstructure (c) of the
gas-atomized Zr0 HEA powders.
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3.2. Microstructure and Phase Evolution during MA

To investigate the alloying behavior in the MA process, X-ray diffraction (XRD) was performed
on the milled Zr0.5 powders at 10 h intervals until the milling time reached 50 h (Figure 2). It can be
seen that the XRD pattern of primary blending powders includes diffraction peaks of CoCrFeNiMn
alloy with FCC structure and ZrH2 (PDF 073-2076). After 10 h of ball milling, the diffraction peaks of
ZrH2 could still be detected, but their intensity was significantly reduced. This indicates that ZrH2

decomposed and the Zr dissolved into the matrix. After 20 h of ball milling, some diffraction peaks of
ZrH2 disappeared due to the alloying. As the milling time increasing to 30 h, all the diffraction peaks
of ZrH2 became absent and the XRD pattern became similar to that of Figure 1, which suggests that the
Zr was fully dissolved into the FCC matrix to form a supersaturated solid solution. Additionally, as the
ball milling time was extended, the diffraction peaks appeared to broaden. Throughout the milling
process, the lattice strain increase and grain refinement are the main reasons for the peak broadening
and intensity reduction [25]. On the other hand, ZrO2 diffraction peaks were observed after 40 h of ball
milling, and the intensity of the ZrO2 diffraction peaks increase with the extending of ball milling time.
The raw materials are usually contaminated by milling media in the process of ball milling [26,27].

Figure 2. The XRD patterns of the Zr0.5 alloy powders with different milling times.

Table 2 shows the average crystal size and lattice strain of the Zr0.5 alloy powders with different
milling times that have been calculated using the Williamson–Hall equation method. As the milling
time was extended from 10 h to 50 h, the crystal size decreased from 14.8 nm to 8.1 nm, and the
lattice strain increased from 0.237% to 0.746%. Thus, the high lattice strain and the formation of
nanocrystalline are the main reasons for the mentioned diffraction peaks broadening and the diffraction
intensity reduction.

Table 2. The crystal size and lattice strain of the Zr0.5 HEA powders with different milling times.

Milling Time (h) Crystal Size (nm) Lattice Strain (%)

10 14.8 0.237
20 13.4 0.385
30 12.5 0.473
40 11.2 0.564
50 8.1 0.746

Figure 3 shows the morphologies of the Zr0.5 alloy powders that have undergone different milling
times. The initial powder is a mixture of spherical atomized CoCrFeNiMn powders and irregularly
shaped ZrH2 powders, and the size of the ZrH2 powders are smaller than the CoCrFeNiMn powders
(Figure 3a). The difference in size between the two powders will affect the alloying process. After 10 h
of ball milling, the relatively large-sized CoCrFeNiMn powders became elliptical and fine sheet
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powders were deposited on their surfaces. This indicates that the alloy powders were deformed,
broken, and welded during ball milling and, at the same time, the fine Zr (or ZrH2) powders and
broken CoCrFeNiMn powders were agglomerated on the surface of the large powder particles. As the
ball milling time extended, the CoCrFeNiMn powders were wrapped by Zr-rich alloy powders and the
outer layer of the CoCrFeNiMn powders was alloyed with Zr under the impact of the high-energy small
balls. Meanwhile, the cycle of crushing and agglomeration of the outer layer continued, which causes
the powders to gradually refine and promotes the alloying and diffusion among the different alloy
elements [28,29]. After 30 h of ball milling, the particle size hardly changed, which means that the
crushing and agglomeration reached a dynamic balance in the MA process.

Figure 3. The scanning electron microscopy (SEM) images of the Zr0.5 alloy powders with different
milling times: (a) 0 h; (b) 10 h; (c) 20 h; (d) 30 h; (e) 40 h; (f) 50 h.

Figure 4a displays the XRD patterns of HEA powders with different contents of Zr after ball
milling of 30 h. Compared with Figure 2, no extra peaks can be found in the XRD patterns of the Zr0,
Zr0.2, and Zr0.5 alloys, which suggests that the ZrH2 was completely decomposed and the Zr was
effectively dissolved into the CoCrFeNiMn HEA matrix when the Zr content is not higher than 0.5.
Nevertheless, the diffraction peak of ZrH2 can be found in the XRD patterns when the Zr content is up
to 0.8 and 1.0, and the intensity of the peak increases with the increase of the ZrH2 content.

Figure 4. The XRD patterns of HEAs: (a) CoCrFeNiMnZrx (x = 0, 0.2, 0.5, 0.8, 1.0) alloy powders after
milling for 30 h, (b) sintered CoCrFeNiMnZrx (x = 0w, 0, 0.2, 0.5, 0.8, 1.0) HEAs.
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3.3. Phase Evolution and Microstructure after SPS

XRD patterns of the sintered CoCrFeNiMnZrx (x = 0w, 0, 0.2, 0.5, 0.8, 1.0) alloys are shown in
Figure 4b. Obviously, the ZrH2 diffraction peaks in the Zr0.8 and Zr1.0 powders disappear in the
sintered samples. This suggests that the excessive ZrH2 was decomposed and that the Zr remainder
was fully alloyed during SPS. The FCC phase is still the dominant phase, meanwhile, some weak
diffraction peaks which are identified as Zr2Ni7 (PDF 071-0543), σ phase, and ordered BCC (B2) phase
appear. Compared with the XRD patterns of the powders after ball milling, the broad diffraction peaks
became narrow due to internal energy releases during the SPS process.

The Zr0w and Zr0 alloys have the same diffraction peaks and consist of an FCC phase, indicating
that the MA and SPS processes do not alter the FCC phase of the alloys. The diffraction peaks of
the Zr2Ni7, the B2 phase, and the σ phase can be found in the Zr0.2, Zr0.5, Zr0.8, and Zr1.0 alloys.
The σ phase was widely reported in previous research [30,31] and it can be identified as the NiCoCr
(PDF 021-1271) σ phase, which has a tetragonal structure (a = 8.85 Å and c = 4.59 Å) in the present
experiment. The B2 phase has been often found in HEAs containing CoCrFeNi [4,21,32]. These indicate
that during the SPS process, some of the alloy atoms diffuse under thermal activation conditions to
form ordered solid solutions and intermetallic compounds.

With the increase of the Zr content, the diffraction intensity of the B2 phase decreases while the
diffraction intensity of the Zr2Ni7 compound increases. This indicates that when the Zr content is low,
the free energy is reduced by the formation of the ordered phase. However, as the Zr content increases,
the formation of the Zr2Ni7 is more effective to reduce the free energy, and the formation of the B2
phase is suppressed. On the other hand, the diffraction peaks of the σ phase almost disappear in the
Zr1.0 alloy, which also means that the formation of the Zr2Ni7 suppresses the formation of the σ phase.
These can be attributed to the lattice strain and a lager negative enthalpy of mixing, caused by the
addition of Zr.

Figure 5 displays the SEM (operating at back-scattered electron (BSE) mode) images of the
CoCrFeNiMnZrx alloys synthesized by MA and SPS. As can be seen from Figure 5a,b, both the
Zr0w and Zr0 alloys exhibit a single phase feature, which is consistent with the XRD results. After the
addition of Zr, there are two distinct microstructural domains: the bright and gray regions (Figure 5c–f).

Figure 5. The SEM (operating at back-scattered electron (BSE) mode) images of the CoCrFeNiMnZrx

alloys synthesized by mechanical alloying (MA) and spark plasma sintering (SPS). (a) x = 0w; (b) x = 0;
(c) x = 0.2; (d) x = 0.5; (e) x = 0.8; (f) x = 1.0. Any Zr-rich particles were wrapped by a plastic face-centered
cubic (FCC) phase and indicated by yellow arrows.

EDS was performed to investigate the two regions using the Zr0.2 alloy and the results are shown
in Figure 6 and Table 3. On the one hand, the bright region contains a higher amount of Zr than the
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nominal composition whereas Zr is barely found in the gray regions. On the other hand, the content of
Co, Cr, Fe, Ni, and Mn are relatively lower in the bright region, and they are almost equal in the atomic
ratio in both regions. Obviously, some CoCrFeNiMn HEA particles are not completely broken by the
high-energy ball milling due to their high toughness [14,33], and Zr is not uniformly distributed in the
matrix. The gray regions can be identified as a pure CoCrFeNiMn FCC phase and the bright region
consists of FCC phase, B2 phase, Zr2Ni7, and σ phase. For the gray region, the shapes present are
ovals and strips, which were inherited from the MA process. Furthermore, the hard and brittle Zr-rich
particles were wrapped by a plastic FCC phase during the ball milling process, a few small bright
microstructures are indicated by yellow arrows (Figure 5). Table 4 shows the density of the sintered
CoCrFeNiMnZrx alloys. It can be seen that the addition of a relatively low-density Zr element reduces
the density of the alloy system (the density of Co, Cr, Fe, Ni, Mn, and Zr are 8.9 g·cm−3, 7.19 g·cm−3,
7.87 g·cm−3, 8.9 g·cm−3, 7.44 g·cm−3, and 6.49 g·cm−3, respectively).

Figure 6. The energy dispersive spectrometry (EDS) mappings of the Zr0.2 alloy synthesized by MA
and SPS.

Table 3. The chemical compositions of the Zr0.2 alloy synthesized by MA and SPS.

Elements Co Cr Fe Ni Mn Zr

Gray region (at.%) 19.2 21.0 20.0 18.9 20.9 0
Bright Region (at.%) 14.9 16.3 15.0 14.9 16.1 22.8

Table 4. The density of the CoCrFeNiMnZrx alloys synthesized by MA and SPS.

Samples Zr0w Zr0 Zr0.2 Zr0.5 Zr0.8 Zr1.0

Density (g/cm3) 7.91 ± 0.03 7.92 ± 0.02 6.86 ± 0.04 6.87±0.05 6.91 ± 0.03 6.93 ± 0.02

Figure 7a shows the grain structure of Zr0 and the selected area electron diffraction (SAED) pattern
is related to the red circle marking area. It indicates that the sintered Zr0 alloy has a micron grain size
and a single FCC structure which is consistent with XRD results. Meanwhile, some twins are found.
After the Zr addition, there are two obviously different areas distinguished by grain size (Figure 7b).
The SAED pattern of red circle marking area demonstrates that the micro-crystal has an FCC structure.
EDS results (not shown here) revealed that these nanocrystals are Zr-rich while the micro-crystals do
not contain Zr. This confirms the SEM results: the Zr and the outer layer of the atomized powder are
alloyed during the ball milling process, and as time passes, the fine Zr-rich powders agglomerated on
the outer layer is continuously refined. Furthermore, many spherical nanoprecipitates are found in
the nanocrystal area (Figure 7c). Figure 7d–g show the high-resolution TEM (HRTEM) images with
corresponding fast Fourier transformations (FFT) of nanoprecipitates. These indicate that there are two
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kinds of nanoprecipitates which are BCC structure precipitates and Zr2Ni7 precipitates. In the previous
studies [3,34], nanoprecipitates have been considered to be beneficial to the mechanical properties of
the material due to the ability of pinning dislocations.

Figure 7. The transmission electron microscopy (TEM) images of sintered (a) Zr0 and (b) Zr0.2 HEAs.
The insets in (a,b) are the selected area electron diffraction (SAED) patterns of the red circle marking
area. The dashed line in (b) distinguishes the two regions with different grain sizes: the micro-crystals
on the left side of the dashed line and the nanocrystals on the right side of the dashed line; (c) is the
magnifying image of the yellow circle marking area in (b); (d,e) are the high-resolution TEM (HRTEM)
of nanoprecipitation; (f,g) are the fast Fourier transformations (FFT) of (d,e), respectively.

3.4. Mechanical Properties

Figure 8 shows the compressive stress-strain curves of the CoCrFeNiMnZrx alloys at room
temperature. The values of yield strength (YS) σy, compressive strength (CS) σmax, and plastic strain
limit (PS) εp of alloys are listed in Table 5. The maximum yield strength reaches 820 MPa when the
Zr content is up to 0.8, but the compressive strength of the Zrx (x = 0.2, 0.5, 0.8, 1.0) alloys are lower
than that of alloys without Zr. Because of the addition of Zr, the yield strength evidently improved
while the ductility declined simultaneously. Zr0 and Zr0w alloys, exhibit excellent plasticity, and both
of the two alloys are not broken in the pressure range of the compressor. The yield strength of Zr0 is
higher than that of Zr0w, which suggests that MA can improve the strength of the alloy by refining
the grain [14]. Furthermore, the yield strength of the CoCrFeNiMnZrx (x = 0.2, 0.5, 0.8, 1.0) alloys are
significantly higher than that of the Zr0 alloy, but the plasticity strongly reduced at the same time.
This can be attributed to solid solution strengthening and second phase strengthening caused by the
addition of Zr, as well as fine grain strengthening obtained by mechanical ball milling.
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Figure 8. The compressive engineering stress–strain curves of the CoCrFeNiMnZrx alloys.

Table 5. The mechanical properties of the CoCrFeNiMnZrx alloys.

x YS σy (MPa) CS σmax (MPa) PS εp (%)

0w 350 >1400 >40
0 420 >1600 >40

0.2 800 880 12
0.5 800 810 4
0.8 820 850 3
1.0 600 600 2.5

The fractographs of the CoCrFeNiMnZrx (x = 0.2, 0.5, 0.8, 1.0) alloys after compressive tests
are depicted in Figure 9. The fracture surface of the Zr0.2 alloy presents a step-like pattern with
quasi-cleavage characteristics. A small radiation zone appears on the right side of Figure 9a,
indicating the localized ductile fracture. Complete cleavage fracture patterns can be seen in Figure 9b–d,
which thus deteriorates the alloy plasticity. For the Zr0.5 alloy, the fracture surface consists of many
small cleavage planes, with both inter-granular fractures and trans-granular fractures having occurred.
Large bright and flat cleavage planes appear in the fractures of Zr0.5 and Zr1.0 alloys, which is in accord
with the totally brittle fracture of the alloys. The above results indicate that the CoCrFeNiMnZrx

(x = 0.2, 0.5, 0.8, 1.0) alloys exhibit brittle fractures, which can be attributed to a large lattice distortion
and the brittle intermetallic compounds present in the Zr-rich region.

Figure 9. SEM micrographs of the fracture surface of CoCrFeNiMnZrx alloys. (a) x = 0.2; (b) x = 0.5;
(c) x = 0.8; (d) x = 1.0.
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4. Conclusions

The alloying behavior, microstructures, and mechanical properties of both powders and bulk
CoCrFeNiMnZrx alloys were investigated. The main conclusions of the present work are given below:

(1) Metastable single FCC phase CoCrFeNiMnZrx alloy powders were prepared after 30 h of ball
milling, which means that MA could enhance the solid solubility of large size elements in the matrix.
However, toughness powder is difficult to break during ball milling, which would affect the alloying
process and lead to the element segregation. Toughness powders can retain their original properties
during ball milling, which means that MA can be used to prepare HEAs composites.

(2) The phase composition of HEAs can be changed by adjusting the content of the alloying
element. After SPS, CoCrFeNiMn maintains a single FCC phase. However, two distinct microstructural
domains, one composed of a micro-sized CoCrFeNiMn alloy without Zr and the other one composed
of Zr-rich multi-phase microstructures consisting of a nano-sized FCC phase, B2 phase, Zr2Ni7,
and σ phase, appear in the CoCrFeNiMnZrx (x ≥ 0.2) alloys. When the elements with different
physicochemical properties are dissolved into the HEA matrix, the local structural stability will be
destroyed, and the local atomic arrangement will change from disorder to order.

(3) The addition of Zr significantly increases the yield strength of the CoCrFeNiMn alloy.
The Zr0.8 alloy exhibits the highest yield strength up to 820 MPa which is almost twice as much
as the Zr0 alloy (420 MPa). The high yield strength makes it a promising candidate for precision
equipment manufacturing.
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Abstract: In the study, an equiatomic CoCrNiCuZn high-entropy alloy (HEA) was prepared by
mechanical alloying (MA) and the phases, microstructures, and thermal properties of the alloy
powder were explored. The results suggest that a solid solution with body-centered cubic (BCC)
phase and a crystalline size of 10 nm formed after 60 h of milling. Subsequently, the alloy powder
was consolidated by spark plasma sintering (SPS) at different temperatures (600 ◦C, 700 ◦C, 800 ◦C,
and 900 ◦C). Two kinds of face-centered cubic (FCC) phases co-existed in the as-sintered samples.
Besides, Vickers hardness and compressive strength of the consolidated alloy sintered at 900 ◦C were
respectively 615 HV and 2121 MPa, indicating excellent mechanical properties.

Keywords: high-entropy alloy; spark plasma sintering; mechanical alloying; mechanical
property; microstructure

1. Introduction

Conventional alloy is generally composed of one or two main elements and a small amount of other
elements, to enhance its mechanical properties, such as steel and NiAl intermetallics [1,2]. The emergence
of high-entropy alloys (HEAs) [3] has broken this traditional notion. A HEA is loosely defined as alloy
composed of more than five principal elements with an equimolar ratio (5–35 at.%). High-entropy
alloy has high entropy effect, lattice distortion effect, sluggish cooperative diffusion effect, and cocktail
effect. It often has simple solid-solutions or amorphous structure [4]. Well-designed HEAs have good
mechanical properties including high hardness, high strength, good corrosion, and wear resistance [5].

HEAs can be prepared by various routes, such as vacuum arc-melting and casting [6,7]. However,
these routes are not suitable for HEA systems which contain elements with very different melting
points. For example, the melting temperature of Cr is 1000 ◦C above the atmospheric boiling point of Zn,
so some systems such as CoCrNiCuZn high-entropy alloy cannot be synthesized by arc-melting route.
Besides, arc-melting is not suitable for industrial manufacturing and final products have some limitations
in shape and size [8]. Mechanical alloying (MA) is a convenient route to synthesize nanocrystalline HEAs
materials. MA can reduce the preparation cost of nanocrystalline materials [9,10]. In addition, HEAs can
be easily consolidated from the as-milled powders with spark plasma sintering (SPS) technique [11–13].

In this study, we synthesized the CoCrNiCuZn high-entropy alloy by MA and SPS. The phases,
microstructures and mechanical properties of the consolidated alloys were also explored.

2. Experimental

Metal powders (Co, Cr, Ni, Cu, and Zn with a purity of more than 99.5 wt.% and a particle
size of ~45 μm) were mixed according to the equiatomic composition and milled in a planetary
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ball-miller (300 rpm for 60 h, argon atmosphere) with stainless steel vials and balls as milling media
(a ball-to-powder mass ratio of 20:1). N-heptane was used as the processing controlling agent (PCA) to
avoid cold welding and oxidation. The MA process was monitored with an interval of 6 h. After 60 h
of ball milling, the powder was consolidated by SPS (Dr. Sinter-3.20 MKII, Sumitomo, Osaka, Japan) at
different temperatures (600 ◦C, 700 ◦C, 800 ◦C, and 900 ◦C) under 30 MPa with dwell time of 10 min in
argon atmosphere.

The phases of ball milled (QM-BP, Nanjing Nanda Instrument Plant, Nanjing, China) alloys
were characterized by X-ray diffractometer (XRD, Rigaku Ultima III, Tokyo, Japan) with a Cu Kα

radiation to investigate the crystal structure. The microstructure was analyzed by a scanning electron
microscope (SEM, Hitachi 3400, Tokyo, Japan) and a transmission electron microscope (TEM, JEOL
JEM-2010HT, Tokyo, Japan). The thermal analysis of as-milled powder was conducted by a differential
scanning calorimeter (DSC, NETZSCH 449C, Selb, Germany) heating the alloy to 1500 ◦C (5 ◦C/min)
in flowing argon atmosphere. According to the Archimedes principle, the density of HEA was
determined. The hardness of sectioned and polished specimens was determined by vickers hardness
tester (Wolpert-430SV, Aachen, Germany). The compressive properties at room temperature were
determined by a MTS810 testing machine (MTS 810, MTS Systems Corporation, Eden Prairie, MN, USA)
with a loading rate of 1 mm/min. The dimensions of sample is 2 mm × 2 mm × 5 mm. The fracture
surface was analyzed by SEM. A thin foil of sintered material obtained by mechanical thinning and
ion milling was analyzed by TEM. At least 5 measurements were performed to calculate the means of
vickers hardness and compressive strength.

3. Results and Discussion

3.1. Mechanical Alloying of CoCrNiCuZn HEAs

3.1.1. X-Ray Analysis

The XRD patterns of the CoCrNiCuZn high-entropy alloy (Figure 1) indicated that a major peak
formed after 30-h milling. The diffraction patterns of all alloying elements can be observed in the
XRD patterns of primitive blending powder. After 6-h MA, the diffraction peaks of the principle
elements were still observed, but the intensity was dramatically decreased. With the increase in milling
time to 18 h, some peaks were significantly broadened and some peaks were invisible. After 30-h
milling, only 3 peaks of a BCC structure ((1 1 0), (2 0 0), (2 1 1)) could be identified, indicating the
formation of a simple solid solution. The BCC solid-solution had a lattice parameter of 2.8831 Å.
After 60 h MA, the XRD patterns showed no obvious change. In the milling process, the decreased
intensity, broadened or disappeared peak might be caused by high lattice strain, refined crystallite size,
and decreased crystallinity [14,15].

The crystallite size (CS) and lattice strain (LS) of CoCrNiCuZn HEA obtained after milling for
different time were calculated by Scherrer’s formula after eliminating the interferences of instruments
and strain [16,17]. The CS of the BCC phase was significantly refined to 19 nm after 18-h MA and then
decreased to 13 nm after 30-h milling (Table 1). Further increasing of milling time had no significant
influence on the crystallite size. The equilibrium between crystalline refinement and cold welding of
BCC phase might be reached after 30-h milling. The lattice strain of milled powders increased with
milling time and reached 0.70% after 60 h milling [18].
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Figure 1. The change of XRD patterns of CoCrNiCuZn high-entropy alloy (HEA) powder obtained
after milling for different time (from 0 h to 60 h).

Table 1. Crystallite size (CS), lattice strain (LS), lattice parameter (LP) of CoCrNiCuZn HEA obtained
after milling for different time (0 h to 60 h).

Milling Time (h) CS (nm) LS (%)

0 – –
6 22 0.64
18 19 0.65
30 13 0.67
60 13 0.70

3.1.2. Microstructure and Composition

Figure 2 shows the microstructure of CoCrNiCuZn HEA powder obtained after ball milling for
different time (0 h, 6 h, 18 h, 30 h, and 60 h). The non-milled powder has a different particle size.
Through the MA process, milled HEA powder agglomerated into an elliptical shape with the size
of ~3 μm and the elliptical particles evolved into ~1 μm thick sheets. The nanocrystalline nature of
CoCrNiCuZn HEA obtained after 60 h MA was characterized by the selected area electron diffraction
(SAED) pattern and TEM bright field image (Figure 3). The crystal size measured from bright field TEM
image was approximately 10 nm, which was consistent with the calculation results by the Scherrer’s
formula. The existence of nanoscaled crystallite indicated that the microsized alloy particles in SEM
images were the aggregates of nanosized grains.

The rings in the SAED pattern (Figure 3) indicated that the nanocrystalline HEA powder after 60 h
milling only consisted of a BCC phase. The result was consistent with XRD analysis results. The results
confirmed that the CoCrNiCuZn high-entropy alloy with a structure of simple BCC solid solution had
been successfully fabricated by mechanical alloying.

Zhang and Guo proposed the criteria for the formation of solid solution and phase stability of HEA
prepared by casting [19–23]. According to the results, the as-calculated values of ΔSmix (J·K−1 mol−1),
ΔHmix (kJ·mol−1), and δ for CoCrNiCuZn HEA were respectively 1.61R, 0.96 and 4.4%, which were
consistent with the formation criteria of HEAs. Table 2 shows mixing enthalpies of atomic pairs in
the CoCrNiCuZn alloy system [24,25]. The main advantage of MA is the extension of solid solubility.
Therefore, the simple solid solution is more likely formed in the as-milled HEA than that in the
as-cast HEA. The calculated values of ΔSmix, ΔHmix and δ for CoCrNiCuZn HEA indicated that the
simple solid solution should be formed in the MA process.
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Figure 2. SEM images of CoCrNiCuZn HEA powder obtained after milling for different time: (a) 0 h,
(b) 6 h, (c) 18 h, (d) 30 h, and (e) 60 h.

Figure 3. TEM image and selected area electron diffraction (SAED) pattern of CoCrNiCuZn HEA
powder obtained after 60 h milling.

Table 2. Enthalpies (kJ·mol−1) between every two elements in CoCrNiCuZn HEA.

Elements Co Cr Ni Cu Zn

Co 0 −4 0 6 −5
Cr - 0 −7 12 5
Ni - - 0 4 −9
Cu - - - 0 1
Zn - - - - 0

3.1.3. Thermal Analysis

Figure 4 shows the DSC results of the CoCrNiCuZn high-entropy alloy powder obtained after
60 h milling. The first endothermic peak at around 100 ◦C is related to the energy absorption of the
PCA evaporation [15]. Then the evaporated matter was eliminated by the flowing argon during testing.
In the temperature range of 200~400 ◦C, the curve was relatively stable. When the temperature was
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above 600 ◦C, an endothermic line is observed, indicating that phase changes started at around this
temperature. Two endothermic peaks at 1244.8 ◦C and 1321.8 ◦C were considered as the melting points
of different phases [26], proving that there were two phases after the phase change occurred.

Figure 4. The trend and peaks of the thermal analysis curves (DSC, Mass) of CoCrNiCuZn HEA
powder after 60 h ball milling.

3.2. Consolidation by SPS

3.2.1. X-Ray Analysis

Figure 5 shows the XRD patterns of the HEA powder after 60 h ball milling and the samples
sintered at 600 ◦C, 700 ◦C, 800 ◦C, and 900 ◦C, respectively. Two FCC phases were formed at 900 ◦C
and respectively recorded as FCC1 and FCC2. This is consistent with thermal analysis results.

Figure 5. XRD patterns of CoCrNiCuZn HEA powder after 60 h ball milling and CoCrNiCuZn HEA
samples fabricated by SPS at different sintering temperatures (600–1000 ◦C).

The above results indicated that both the as-milled CoCrNiCuZn powders and the as-sintered
CoCrNiCuZn samples mainly had simple solid solution structures. This phenomenon can be explained
by the Gibbs free energy of mixing defined as:
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Gmix = Hmix − TSmix, (1)

where Hmix is the mixing entropy; Gmix is the Gibbs free energy of the mixture; Smix is the mixing
entropy and T is absolute temperature. The entropies of solid solution phases were much higher than
those of the intermetallics. The increase in the mixing entropy largely decreased Gibbs free energy.
Therefore, especially at high temperatures, the solid solution phases were preferentially formed rather
than intermetallics and other complex phases [27].

3.2.2. Microstructure

The densities of alloys sintered at 600 ◦C, 700 ◦C, 800 ◦C, and 900 ◦C are respectively 5.26 g/cm3,
6.26 g/cm3, 7.84 g/cm3, and 7.89 g/cm3 measured by Archimedes principle. Figure 6 shows TEM
bright field image and corresponding SAED patterns of CoCrNiCuZn HEA obtained after SPS at
900 ◦C. In the TEM image, two different morphologies were observed. Corresponding SAED patterns
in Figure 6b,c indicated that the larger particles had a FCC1 structure, whereas the smaller ones had
an FCC2 structure. The result was consistent with the XRD results.

Figure 6. TEM image and SAED patterns of the CoCrNiCuZn HEA bulk obtained after SPS at 900 ◦C:
(a) TEM bright field image of bulk CoCrNiCuZn HEA after SPS, (b) and (c) corresponding SAED
patterns respectively indicate Region A with a FCC1 phase and Region B with an FCC2 phase.

Figure 7 shows the corresponding fractographic feature of the alloys sintered at 700 ◦C, 800 ◦C,
and 900 ◦C, respectively. Section structure and stepped structure can be respectively observed in
Figure 7a,b. The bulk alloys sintered at 900 ◦C showed a significant plasticity trend because the FCC
phase exhibited a higher plasticity than BCC phase [15].

Figure 7. Slip fracture morphology of CoCrNiCuZn HEA samples fabricated by SPS at different
sintering temperatures: (a) 700 ◦C, (b) 800 ◦C, and (c) 900 ◦C.
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3.2.3. Mechanical Properties

Figure 8 shows the room-temperature compressive properties of the CoCrNiCuZn HEA
consolidated at different temperatures. The strength increases with increasing of sintering temperature.
The compressive strength of the sample sintered at 900 ◦C reached 2121 MPa, which was higher than that
of most previously reported HEAs [6,27]. The Vickers hardness of HEA bulk sintered at 900 ◦C reached
615 HV, which was also superior to most commercial hard facing alloys [28]. The high compressive
strength and high hardness are ascribed to the ultrafine grains (as shown in Figure 6a) and solid
solution strengthening.

Figure 8. Compressive strain–stress curves at room temperature of CoCrNiCuZn HEA samples
fabricated by SPS at different sintering temperatures (600 ◦C–900 ◦C).

4. Conclusions

The equiatomic CoCrNiCuZn HEA powder was successfully synthesized by MA. After 30-h ball
milling, a BCC phase structure with a grain size of 10 nm was formed. The thermal analysis curve
proved that the BCC phase structure gradually converted into FCC phase at above 600 ◦C. The XRD
and TEM results demonstrated that the high-entropy alloy obtained after sintering had two FCC phases.
The sample sintered at 900 ◦C had a Vickers hardness of 615 HV and a compressive strength of 2121 MPa.
The combination of mechanical properties is superior to most of reported HEA systems and commercial
hard facing alloys.
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Abstract: In the present study, we have revealed that (NiCoFeCr)100−xPdx (x= 1, 3, 5, 20 atom%)
high-entropy alloys (HEAs) have both local- and long-range lattice distortions by utilizing X-ray total
scattering, X-ray diffraction, and extended X-ray absorption fine structure methods. The local lattice
distortion determined by the lattice constant difference between the local and average structures was
found to be proportional to the Pd content. A small amount of Pd-doping (1 atom%) yields long-range
lattice distortion, which is demonstrated by a larger (200) lattice plane spacing than the expected
value from an average structure, however, the degree of long-range lattice distortion is not sensitive
to the Pd concentration. The structural stability of these distorted HEAs under high-pressure was
also examined. The experimental results indicate that doping with a small amount of Pd significantly
enhances the stability of the fcc phase by increasing the fcc-to-hcp transformation pressure from
~13.0 GPa in NiCoFeCr to 20–26 GPa in the Pd-doped HEAs and NiCoFeCrPd maintains its fcc lattice
up to 74 GPa, the maximum pressure that the current experiments have reached.

Keywords: solid-solution alloys; lattice distortion; phase transformation

1. Introduction

High-entropy alloys (HEAs) are usually a single-phase solid-solution with multi principle
elements randomly distributed in the lattice [1,2]. Due to the size difference of individual atoms,
lattice distortion is believed to be one of the core effects, which greatly affects the mechanical and
physical properties [3–8]. The distorted local lattice provides pinning sites to slow down dislocation
motion and therefore improve the mechanical performance of high-entropy alloys [9–12]. The intrinsic
lattice distortion in HEAs can shorten the free-electron migration paths and reduce the electrical and
thermal conductivities [1,13,14], which can enhance the recombination of radiation defects due to a
strong localized heating effect. In addition, distorted local lattice sites can retard the motion of radiation
defects to delay their growth. Therefore, HEAs are strong candidates for nuclear materials by showing
excellent radiation resistance [13,15]. However, a quantitative description of the lattice distortion in
HEAs is a challenge and previous experimental results are controversial [1,16,17]; especially with
respect to alloys with the fcc structure. For example, no obvious lattice distortion was reported
previously for a NiCoFeMnCr alloy [17]. Recently, we developed a new analytical method based
on atomic pair distribution function (PDF) measurement that can quantitatively describe the local
lattice distortion in some high- and medium-entropy alloys [18–20]. PDF analysis has shown that
the local lattice distortion in the NiCoFeCr is negligible (< 0.1%), while the NiCoFeCrPd HEA has
a very large local lattice distortion (0.79%). Since there is a large mismatch of atomic size between
Pd and other atoms, it is interesting to investigate the effect of Pd content on the lattice distortion in
(NiCoFeCr)100−xPdx solid-solution alloys.
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Besides atomic size mismatch, different atomic configurations can also affect local lattice
distortion in HEAs. For instance, the local bonding environment of individual atoms varies in
solid-solution alloys, leading to the fluctuation of nearest atomic pair distances and short-range
order [21]. Extended X-ray absorption fine structure (EXAFS) is atomic mass sensitive and is a
powerful tool to measure the distance of different atomic pairs in solid-solution alloys. However, some
approximations need to be made for those alloys with components that are neighbors in the periodic
table. With EXAFS measurement, we have successfully revealed the short-range order in NiPd [22]
and NiCoCr [21] solid-solution alloys.

The uncertainty for atoms being located exactly on the lattice sites is another type of structural
disorder that contributes to the excess configurational entropy [1,23]. Previous TEM analysis
indicated that the lattice distortion destabilized the structure, and phase segregation was observed in
solid-solution alloys, such as NiCoFeCrMn [24,25], during annealing and ion irradiation. Under high
pressure, the fcc lattice of some alloys can transform to another close-packed hcp structure. However,
the phase transformation behavior in the HEAs is not simple. Experiments demonstrated that
NiCoFeCr [26] and NiCoFeCrMn [27,28] started to transform to an hcp structure at ~13 GPa, whereas
phase transition was not found in NiCoFeCrPd alloy even up to 74 GPa [26]. Moreover, it recognized
that magnetic contributions to the free energy may play a critical role. In this paper, the
long/short-range lattice distortion and structural stability of Pd-doped (NiCoFeCr)100−xPdx HEAs
were experimentally studied with total X-ray scattering, X-ray diffraction methods and the local
bonding environment of atoms in the solid-solution is derived by EXAFS measurements.

2. Materials and Methods

Elemental metals Ni, Co, Fe, Cr, and Pd (> 99.9% pure) in the designed atomic ratios with the
formula of (NiCoFeCr)100−xPdx (x = 1, 3, 5 and 20) were carefully weighed and mixed by arc melting.
The arc-melted buttons were flipped and re-melted at least five times before drop casting to ensure the
homogeneity. The ambient total scattering measurements were performed at synchrotron beamline
F2 of CHESS (Cornell High Energy Synchrotron Source), Cornell University, with an X-ray energy
of E = 61.332 KeV and beam size of 500 × 500‘μm2. A two-dimensional stationary detector with
200 × 200‘μm2 pixel size was placed ∼20 cm behind the sample to collect data. Fit2D software [29]
was used to correct for a beam polarization and a dark current. In order to obtain real-space
PDF, the measured patterns were Fourier transformed by PDFgetX3 [30] and then normalized
reciprocal-space structure function in a Q range of 30 Å−1. Using PDFGui software [31], the measured
PDFs were refined with the fcc structure models. The in situ high-pressure XRD (X-ray powder
diffraction) was conducted with the diamond anvil cell technique in transmission mode at beamline
16-BM-D of the APS (Advanced Photon Source), Argonne National Laboratory. For high-pressure
XRD experiments, a methanol/ethanol (4/1) mixture was used as the pressure transition medium.
The wavelength of the X-ray was 0.4989 Å and 0.3103 Å for ambient and high-pressure measurements,
respectively. For all of the synchrotron XRD experiments, the instrument parameters were calibrated
with CeO2 as the standard, and XRD profiles were analyzed with the Rietveld refinement method using
the program Fullprof [32]. The EXAFS spectra at the K-edge of elements Ni, Co, Fe, Cr were conducted
in a fluorescence mode with a grazing exit configuration (grazing angle of 2–3◦) at beam 13-ID-E of
APS, Argonne National Laboratory. Athena program [33] was used for the reduction and analysis of
the EXAFS data. The fitting of the EXAFS spectra was conducted with Artemis in Demeter software
package [33] in a fixed k-range (3.0–12.0 Å−1) and an fcc structural model was used to simulate the
structure of the solid solutions.
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3. Results and Discussion

3.1. Local Lattice Distortion

The local lattice distortion induced by atomic size mismatch in HEAs has been estimated by a hard
sphere model [34]. However, an experimental investigation has revealed that the hard-sphere model
considerably overestimated the local lattice distortion in the HEAs. The measurement of the Bragg
peak width in XRD or neutron diffraction profiles contains information of both static and dynamic
displacements, which, however, cannot be resolved [17]. PDF analysis based on total scattering
measurements can effectively reveal the local lattice distortion in terms of variation of local bond
distance. Figure 1a shows the observed PDF profile of the NiCoFeCrPd HEA and the calculated one
based on a random solid-solution model. Except for the first peak, the calculated pattern matches the
observed one very well. The mismatch in the first atomic shell is an indication of local lattice distortion
in NiCoFeCrPd. In order to quantitively describe the local lattice distortion in solid-solution alloys,
we introduced a local lattice distortion parameter ε.

ε =
(
avar − aavg

)
/aavg (1)

Where aavg is the lattice parameter obtained from fitting the PDF profile over the whole r-range and
avar is the lattice parameter obtained by fitting the PDF profile from rmin = 1.5 Å (data below this value
was excluded because of large oscillations) to the varied rmax value. The local lattice distortion in the fcc
HEAs is strongly localized in the first atomic shell, as shown in Figure 1a. Therefore, we only focused
on the lattice strain in the first atomic shell, ε1st. Our results show that NiCoFeCr has a negligible ε1st

(< 0.1%), whereas the NiCoCr and FeCoNiCrMn possess a small positive ε1st, suggesting that the local
bond distances are larger than the expected value from their average structures. NiCoFeCrPd has
the largest ε1st (0.79%) (Figure 1b) reported so far. The large lattice strain in NoCoFeCrPd is caused
by the large size mismatch between Pd and other elements. With similar analysis of the Pd-doped
(NiCoFeCr)100−xPdx HEAs, the local lattice distortion is found to be proportional to the content of Pd
(Figure 1b).

Figure 1. (a) Pair distribution function of NiCoFeCrPd HEA (high-entropy alloys). The blue symbols
are experimental data and the red line is fit to the data using a random solid-solution model. The slight
shift of the measured PDF (pair distribution function) from the fitted data (difference shown at r from
2 to 3 Å indicates the local lattice distortion; (b) Local lattice distortion in the first atomic shell as a
function of the Pd concentration in the alloys.

301



Entropy 2018, 20, 900

3.2. Long-Range Lattice Distortion

XRD experimental results have shown that the Bragg peaks are broadened and the intensities
are reduced in HEAs [35] because of the larger uncertainty for atoms being exactly on the crystalline
lattice sites. No obvious long-range lattice distortion has been observed previously from X-ray or
neutron diffraction measurements. For most HEAs, their lattice remains the fcc, bcc or hcp structure.
However, long-range lattice distortion is found in Pd-doped (NiCoFeCr)100−xPdx HEAs from XRD
measurement. Figure 2 shows the XRD patterns of (NiCoFeCr)100−xPdx (x = 1, 3, 5 and 20 atom%)
HEAs under ambient conditions. The red dots are observed patterns and the green line are calculated
patterns based on Rietveld refinement. As shown in the enlarged patterns (Figure 2b), there is a clear
deviation at the (200) Bragg peak. The observed (200) peak exhibits a larger d-spacing than the average,
whereas all of the other Bragg peaks match the average positions very well. The deviation of the (200)
lattice planes is ~0.004 Å. Since XRD reveals the long-range order, the mismatch of the (200) peak
indicates that the Pd-doped NiCoFeCrPdx HEAs have a distorted lattice from the ideal fcc structure,
though no peak splitting was observed. Experimental analysis also suggests that the deviation of the
(200) peak in the alloys with different concentrations of Pd is nearly the same. Due to the substitution
of larger Pd atoms into the structure, it is not difficult to understand the change of lattice constant
(Table 1) and local lattice distortion with the Pd content in the solid-solution alloys. It is surprising that
even 1atom% Pd-doping in (NiCoFeCr)99Pd1 HEAs can cause a long-range structural distortion on the
(200) lattice planes. The systematic larger (200) lattice plane spacing suggests that the large Pd atoms
may be not randomly distributed in the lattice. To obtain the short-range order information for these
HEAs, a method capable of characterizing the local bonding environment is strongly needed.

Figure 2. (a) The XRD (X-ray powder diffraction) profiles measured with synchrotron X-rays
(λ = 0.4989Å). The red symbols are measured data and the green lines are calculated profiles based on
Rietveld refinement; (b) the enlarged part of the XRD profiles and the observed (200) Bragg peak in all
the samples obviously shifted to lower two theta angles with larger d-values.

Table 1. The lattice constant and the nearest atomic pair distance in the solid-solution alloys measured
with XRD and EXAFS (extended X-ray absorption fine structure).

Sample Lattice Constant (Å)
Nearest Atomic Pair Distance (Å)

XRD EXAFS

(NiCoFeCr)99Pd1 3.5767(1) 2.5291 2.53(1)
(NiCoFeCr)97Pd3 3.5860(2) 2.5357 2.54(1)
(NiCoFeCr)95Pd5 3.5975(2) 2.5438 2.54(1)

NiCoFeCrPd 3.6679(4) 2.5936 2.55(4)
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3.3. Local Bonding Environment

Neither XRD nor total scattering measurements can give the atomic bonding information in the
solid-solution alloys. In order to detect the bond distance in the (NiCoFeCr)100−xPdx (x = 1, 3, 5 and
20 atom%) HEAs, we measured the K-edge X-ray absorption spectrums of Ni, Co, Fe, and Cr elements.
Since these four elements have similar X-ray scattering ability, it is difficult to distinguish the individual
elements in the solid-solution alloys. As an approximation, we assumed that, except for Pd, the atoms
around the core have the same X-ray scattering ability. Figure 3 is the k3-weighted FTs of the Fe K-edge
EXAFS for the (NiCoFeCr)100−xPdx (x = 1, 3, 5 and 20 atom%) HEAs. We assumed that Pd and Fe
atoms are randomly distributed in the fcc lattice and the red dash lines in Figure 3 are the fittings
within the first shell in the radial distance of 1–3.5 Å. The first shell peak is generally well fitted with
this approximation. The derived average distance between the nearest atomic pairs is shown in Table 1.
In general, for the lower Pd-doped alloys, the distance measured with EXAFS is in good agreement
with that measured with XRD but for the equiatomic NiCoFeCrPd alloy, the distance measured with
EXAFS is obviously smaller (1.7%) than that from the XRD measurement, which suggests that there is
a larger lattice strain in the NiCoFeCrPd HEA than the lower Pd-doped alloys. This is in agreement
with the total scattering measurements. From the PDF analysis, we have confirmed that the local lattice
distortion in NiCoFeCrPd is 3–4 times larger than that in the lower Pd-doped solid-solution alloys [20].

Figure 3. The κ3-weighted FTs (Fourier Transforms) of the Fe K-edge EXAFS (extended X-ray absorption
fine structure) in (NiCoFeCr)100−xPdx solid-solution alloys. The solid blue line is observed and the red
dash line is the fitting with the nearest neighbors.

3.4. Structural Stability at High Pressures

Multi-component concentrated solid-solution alloys can have an fcc, bcc or hcp structure.
Theoretical calculations suggested that some fcc HEAs are metastable because their hcp counterparts
have similar Gibbs free energies at ambient conditions. Previous experiments have revealed that
some of the fcc alloys can transform to the hcp structure under high-pressure conditions, such as
NiCoFeCr [26] and NiCoFeCrMn [27,28] alloys that transformed to an hcp structure at ~13 GPa. The hcp
structure is quenchable to ambient conditions, though the phase transition is very sluggish. The phase
stability is composition sensitive. For FeMnCoCr alloys [36], the hcp structure can coexist with the
fcc structure from the sample preparation process. By properly tuning the chemical composition,
a dual-phase alloy can possess excellent mechanical properties. For the five-element system of
NiCoFeCrPd, the fcc structure is stable up to 74 GPa [26]. The larger size of Pd atoms plays a key role
in structural stability. It is thus interesting to study the effect of Pd content on the phase transition.
We pressurized the Pd-doped (NiCoFeCr)100−xPdx HEAs with diamond-anvil cell techniques, and
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the experimental results indicate that a small amount of Pd greatly affects the structural stability.
The critical pressure for the fcc to hcp phase transition is strongly increased to more than 20 GPa in
1 atom%, 3 atom% and 5 atom% doped (NiCoFeCr)100−xPdx solid-solution alloys. Figure 4 shows the
XRD profiles of 3 atom% Pd doped (NiCoFeCr)97Pd3 alloy at different pressures, and the hcp structure
starts to appear at 20.9 GPa. The transition is very sluggish, and the amount of the hcp structure is only
~33% at 34.1 GPa. The hcp structure is stable once it is formed, and the quenched alloy has a mixed
structure of fcc and hcp. The critical transition pressure is not sensitive to the amount of Pd doped
and is observed at 26.0, 20.9, and 21.0 GPa for the 1%, 3% and 5% Pd-doped (NiCoFeCr)100−xPdx

HEAs, respectively. However, no hcp structure was found in the equiatomic solid-solution alloy
NiCoFeCrPd up to 74 GPa [26]. Since Pd has a much larger atomic size than other elements in these
alloys, the substitution of Pd for other atoms increases the lattice parameter and atomic-pair distances.
When the Pd content in the alloys is sufficient, all the smaller atoms will have more free space to move,
which may allow adaption to the lattice distortion at high pressures. This may be the main reason why
Pd can cause changes in the critical transition pressure for Pd-doped NiCoFeCrPd solid-solution alloys.
Therefore, the high local lattice distortion greatly in the equiatomic HEA can enhance the stability of
the fcc lattice.

Figure 4. The XRD profiles of (NiCoFeCr)97Pd3 measured at different pressures. The fcc lattice starts
to transform to hcp structure at 20.9 GPa. The weak diffraction peaks marked with small black arrows
are from the W gasket during measurement.

We further analyzed the long-range lattice distortion of (NiCoFeCr)100−xPdx solid-solution alloys
under high pressure, i.e., the deviation at the (200) Bragg peak. Figure 5 shows the deviation of each
observed Bragg peaks at different pressures for the 1% Pd-doped NiCoFeCr. The deviation of the (200)
Bragg peak obviously increased with pressure. Before the hcp structure starts to form, the deviation of
(NiCoFeCr)99Pd1 has reached 0.01 Å. In a strict sense, the structure of the (NiCoFeCr)99Pd1 alloy is not
fcc anymore. A similar behavior is also observed in the (NiCoFeCr)97Pd3 and (NiCoFeCr)95Pd5 alloys.
Accordingly, the external high pressure can enhance the long-range lattice distortion.

Figure 6 shows the P-V curves of Pd-doped NiCoFeCr alloys. As a comparison, the P-V curves
for NiCoFeCr and NiCoFeCrPd are also shown. When fitted with a 3rd Birch-Murnaghan equation of
state, the bulk modulus is 190(5), 171(8) and 186(4) GPa for the 1%, 3% and 5% Pd-doped NiCoFeCr
solid-solution alloys, respectively. The bulk modulus of the Pd-doped solid-solution alloys is smaller
than that of NiCoFeCr (206 GPa) but larger than that of NiCoFeCrPd (168 GPa). The addition for larger
Pd atoms makes the alloys more compressible with smaller bulk modulus because the addition of Pd
atoms increased the lattice parameters and the smaller atoms, Ni, Co, Fe, and Cr, may have more “free”
space to move in order to adapt the structure during pressurization.
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Figure 5. The deviation of the observed Bragg peaks from the ideal fcc structure at different pressures.
The deviation of (200) peak is obvious and it increases with pressure.

Figure 6. The pressure dependence of the unit cell volume. The dashed lines P-V curves which are
fitted with 3-rd-order Birch-Murnaghan equation of state

4. Conclusions

We have systematically studied the effects of Pd doping in (NiCoFeCr)100−xPdx solid-solution
alloys on lattice distortion and phase stabilities. The short-range order is strongly dependent on the Pd
content in the alloys. Both PDF and EXAFS measurements suggest that the lattice is locally strained in
the highly Pd doped solid-solution alloys. Even a small amount of Pd addition in the alloys can cause
a long-range lattice distortion by showing a larger (200) lattice plan spacing than the expected from
the average structure. High-pressure studies revealed that a small amount of Pd in the solid-solution
alloys greatly enhanced the phase stability of the fcc structure, and the critical pressure for the fcc to
hcp transition increased from ~13 GPa to more than 20 GPa in 1%, 3% and 5% Pd-doped alloys, while
the fcc is stable up to 74 GPa in the equiatomic NiCoFeCrPd HEA.
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Abstract: CoCrFeNiPdMnx (x = 0, 0.2, 0.4, 0.6, 0.8) high entropy alloys (HEAs) were prepared
and characterized. With an increase in Mn addition, the microstructures changed from dendrites
(CoCrFeNiPd with a single face-centered-cubic (FCC) phase) to divorced eutectics (CoCrFeNiPdMn0.2

and CoCrFeNiPdMn0.4), to hypoeutectic microstructures (CoCrFeNiPdMn0.6), and finally to seaweed
eutectic dendrites (CoCrFeNiPdMn0.8). The addition of Mn might change the interface energy
anisotropy of both the FCC/liquid and MnPd-rich intermetallic compound/liquid interfaces, thus
forming the seaweed eutectic dendrites. The hardness of the FCC phase was found to be highly
related to the solute strengthening effect, the formation of nanotwins and the transition from
CoCrFeNiPd-rich to CoCrFeNi-rich FCC phase. Hierarchical nanotwins were found in the MnPd-rich
intermetallic compound and a decrease in either the spacing of primary twins or secondary twins
led to an increase in hardness. The designing rules of EHEAs were discussed and the pseudo binary
method was revised accordingly.

Keywords: high entropy alloys; solidification; alloy design; eutectic dendrites; hierarchical nanotwins

1. Introduction

High entropy alloys (HEAs) [1] or multi-principal element alloys [2] are now attracting more and
more attention [3–10]. In contrast to the traditional alloys with one principal element or two, HEAs
have at least four principal elements and usher in an expansive alloy space for exploring potential new
materials with brilliant properties [11–26]. Initially, studies of HEAs concentrated to a greater extent
on the solid-solution phases, e.g., the HEAs with a single face-centered-cubic (FCC) phase, with a
single body-centered-cubic (BCC) phase or with dual FCC and BCC phases. Lots of studies suggested
that the high configurational entropy would be able to stabilize thermodynamically the solid-solution
phases [1,4,5,27,28]. As the researches move forward, more and more studies suggested that the high
configurational entropy alone could not determine completely the constituent phases, because most of
the HEAs consisted of multi-phases [29–34].

Although the HEAs with a single solid-solution phase have some advantages (e.g., higher melting
points than the HEAs with multi-phases, higher strength for the HEAs with a single BCC phase, better
ductility for the HEAs with a single FCC phase etc.), their good properties are usually accompanied
by some disadvantages, which are fatal for technological applications. One is that the HEAs with a
single solid-solution phase usually have inadequate liquidity, poor castability and hence considerable
chemical inhomogeneity [21,35]. The other is that the HEAs with a single solid-solution phase could
not achieve a balance between high strength and good ductility (e.g., the HEAs with a single FCC
phase were ductile but not strong enough while the HEAs with a single BCC phase were adequately
strong but at risk of brittleness [21,35–37]).
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To tackle the aforementioned problems, eutectic HEAs (EHEAs) [21] were proposed. On the one
hand, EHEAs should have the general character of traditional eutectic alloys. In this sense, EHEAs
should have better fluidity and thus better castability and less casting defects [15,35]. On the other
hand, EHEAs as one kind of in-situ composites with lamellar or rod-like eutectic microstructures might
reach the balance between strength and ductility via mixing the soft FCC phase with the hard BCC
phase or intermetallic compound [15,35,38–44]. Some EHEAs indeed have outstanding properties.
Lu et al. [15] reported the AlCoCrFeNi2.1 EHEA with simultaneous high strength (944 MPa) and good
ductility (25.6%). The excellent mechanical properties do not depend significantly on derivation of
eutectic compositions [35]. After cold-rolling and annealing, its strength reached up to 1.2 GPa and
its elongation could remain at about 12% [40]. After cryo-rolling and annealing, its strength could
reach up to 1.47 GPa while its ductility could even increase to 14% [41]. He et al. [42,43] designed the
CoCrFeNiNbx EHEAs and found that the microstructures were stable from 600 ◦C to 900 ◦C.

The current work aims to report a new EHEA. From Ref. [45], CoCrFeNiPd is a single FCC
solid solution HEA. From the Mn-Pd phase-diagram [46], MnxPdy is a relative stable intermetallic
compound. We hence chose CoCrFeNiPd as a FCC solid solution phase and MnxPdy as an intermetallic
compound (IMC) phase to design pseudo binary EHEAs via adjusting the content of IMC forming
element Mn to finally get the eutectic structure. The effect of Mn addition on the microstructures
was investigated and a seaweed eutectic dendrite solidification microstructure was found in the
CoCrFeNiPdMn0.8 EHEA. The effect of Mn addition on the mechanical properties was studied by
nano-indentation and compression tests. The size effects of primary and secondary twins on the
hardness of MnxPdy phase were shown. The designing rules of EHEAs were improved.

2. Materials and Methods

2.1. Material Preparation

The ingots were prepared by arc melting under a Ti-gettered, high-purity argon atmosphere.
Elements of Co, Cr, Fe, Ni, Mn and Pd with purities better than 99.95 wt.% were chosen as the raw
materials. To prevent the mass loss due to evaporation of Mn, a high purity Fe-68.7at.%Mn intermediate
alloy was prepared in advance and the total mass loss of each ingot was less than 0.3 wt.%. In order
to ensure the chemical homogeneity, electromagnetic stirring was used during the melting process;
each ingot was re-melted at least five times in the water-chilled copper crucible, held at a liquid state
for at least 5 min and flipped before each melting process. The prepared button-shaped ingots were
approximately 20 mm in diameter and 10 mm in thickness.

2.2. Material Characterization

The crystal structures were analyzed by X-ray diffraction (XRD, DX2700, Fang Yuan Company,
Dandong, China) using Co kα radiation and a 2θ scattering range of 20◦–120◦. The microstructures
were characterized by the field emission scanning electron microscopy (SEM, Zeiss SUPRA 55, Zeiss
Inc., Jena, Germany) operated at 15 kV. The SEM samples were first polished and then etched for
a few seconds within the solution of hydrochloric acid, sulfuric acid and supersaturated copper
sulfuric (30 mL, 10 mL, 1 g). After the SEM observations, the samples for transmission electron
microscopy (TEM) analysis were cut from the center of the SEM samples, prepared by mechanically
polishing to a thickness of 45 μm, punched into disks with a diameter of 3 mm and then thinned by
ion milling (GATAN 691, Gatan Inc., Warrendale, PA, United State). The chemical components and
element distributions in different phases were measured by an electron probe micro-analyzer (EPMA,
Shimadzu 1720, Shimadzu Inc., Kyoto, Japan) and an energy dispersive spectrometer (EDS) attached
to TEM (TecnaiFG2).

The hardness and elastic modulus of constituent phases in the as-cast alloys were investigated
by the Nano-indenter XP® system (MTS Inc., Eden Prairie, MN, United State) at room temperature
with a diamond Berkovich indenter at a peak load of 20 mN and a load rate of 0.1 mN·s−1. The peak
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load was held for about 5 s to eliminate the instrument noise and five different points were measured
for each phase. The samples for nano-indentation were mechanically polished to 1 mm thickness
and then electro-polished in an electrolyte of 90 vol.% ethanol and 10 vol.% perchloric acid, with
a voltage of 30 V and a polishing time of about 20 s in Struers LectroPol-5. The compression tests
were conducted at room temperature in an electronic testing machine (INSTRON 3382, Instron Inc.,
Norwood, MA, United State) with a strain rate of 1 × 10−3 s−1. Cuboid specimens were produced
by electric-discharged machining from the cast buttons. The samples were 6 mm in height and
3 mm in length and width, giving an aspect ratio of 2. In order to show the solidification path, the
thermal histories of as-cast alloys were measured by a differential scanning calorimetry (DSC, Netzsch
449 C, Netzsch Inc., Selb, Germany) under a flow of purified argon for protection and with a rate of
20 K min−1. The mass of samples was about 15 mg.

3. Results

3.1. Crystal Structures and Microstructures

Figure 1 shows the XRD patterns of as-cast CoCrFeNiPdMnx (x = 0–0.8) HEAs. It should be noted
that the CoCrFeNiPdMnx HEA in what follows was denoted as Mnx for short (e.g., Mn0.2 stands for
the CoCrFeNiPdMn0.2 alloy). The Mn0 HEA was of a single FCC phase with a lattice parameter of
a = 3.669 Å. The Mn0.2, Mn0.4, Mn0.6 and Mn0.8 HEAs had a dual FCC phase and MnxPdy intermetallic
compound. Because the diffraction peaks of MnxPdy intermetallic compound are intensified with
increasing Mn addition, one could draw a conclusion that the Mn addition promotes the formation of
MnxPdy intermetallic compound. However, the diffraction peaks of MnPd, Mn2Pd3 and Mn3Pd5 as
well as those of Mn7Pd9 and Mn11Pd21 were quite similar. The XRD results alone were therefore not
able to distinguish the crystal structure of the MnxPdy intermetallic compound.

Figure 1. XRD patterns of as-cast CoCrFeNiPdMnx (x = 0, 0.2, 0.4, 0.6, 0.8) HEAs.

Typical microstructures of as-cast Mnx (x = 0.2–0.8) HEAs are shown in Figure 2. The Mn0

HEA exhibited a single solid-solution phase and the coarse dendrites were of several hundred or
even a thousand microns; see Figure 2a,a1 in different magnifications. For the Mn0.2 EHEA, the
microstructure consisted of a main FCC solid-solution phase in the dendrite and a sporadic distributed
granular MnxPdy intermetallic compound; see Figure 2b. Because the MnxPdy intermetallic compound
distributed within the inter-dendrites, it could be reasonable to conclude that the microstructure
belonged to divorced eutectics; see Figure 2b1 in which the FCC phase and the MnxPdy intermetallic
compound are in dark grey and light grey, respectively. It should be pointed out that at the
inter-dendrites, a eutectic microstructure could be found but its volume fraction was very small.
The microstructure of Mn0.4 EHEA was quite similar to the Mn0.2 EHEA, except that both the volume
fractions of eutectics and granular MnxPdy intermetallic compound were much larger; see Figure 2c,c1

in different magnifications. The microstructure changes from a hypoeutectic microstructure for the
Mn0.6 EHEA (e.g., a primary FCC dendrite around which were the lamellar eutectics) to a fully eutectic
microstructure for the Mn0.8 EHEA (e.g., a eutectic dendrite with a fine lamellar spacing around which
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were the coarse granular eutectics); see Figure 2d–e1 in different magnifications. In order to show the
characteristics of the eutectic dendrite pattern in the Mn0.8 EHEA, two additional figures with different
amplifications are shown in Figure 2e2,e3. Figure 2e2 shows an overall view of eutectic dendrites and
Figure 2e3 presents some details for tip splitting of eutectic dendrites. Because the tips repeatedly split
into several parts and grew on themselves, the microstructure of Mn0.8 HEA belonged to seaweed
eutectic dendrites [47,48].

Figure 2. SEM images of as-cast CoCrFeNiPdMnx (x = 0, 0.2, 0.4, 0.6, 0.8): Mn0 (a,a1), Mn0.2 (b,b1),
Mn0.4 (c,c1), Mn0.6 (d,d1) and Mn0.8 (e,e1,e2,e3).

3.2. Phase Identification

The TEM results of as-cast Mnx (x = 0.2, 0.4, 0.6, 0.8) HEAs are shown in Figures 3–6. In each
figure, the bright-field TEM images (a, d), the selected area electron diffraction (SAED) pattern of FCC
(c) and MnxPdy (d) phases, the EDS mapping of Co (e), Cr (f), Fe (g), Ni (h), Pd (i) and Mn (j) elements
are shown. To show the effect of Mn addition on the phase transition in the Mnx HEAs, the chemical
compositions of FCC and MnxPdy phases were measured by EDS attached to TEM and EMPA. In the
current work, four points were randomly selected for each phase in the fine lamellar region by EDS
and five points were measured randomly for each phase in the surrounding coarse granular eutectic
region by EPMA. Because the average compositions measured by EDS and EPMA were quite close,
only the EPMA results for the FCC solid-solution phase and MnxPdy intermetallic compound are
summarized in Tables 1 and 2, respectively.

Table 1. EPMA results of the FCC phase in the CoCrFeNiPdMnx (x = 0–0.8) HEAs (in atomic fraction).

HEA Co Cr Fe Ni Pd Mn FCC Phase

Mn0.2 22.32 ± 0.91 21.23 ± 0.48 19.30 ± 0.41 19.79 ± 0.28 13.49 ± 0.66 2.09 ± 0.36 CoCrFeNiPd-rich
Mn0.4 22.61 ± 0.53 21.92 ± 0.39 20.41 ± 0.90 20.02 ± 0.60 11.75 ± 0.67 3.56 ± 0.25 CoCrFeNiPd-rich
Mn0.6 22.29 ± 0.51 22.12 ± 0.76 21.32 ± 0.36 21.22 ± 0.97 8.09 ± 0.89 4.22 ± 0.45 CoCrFeNi-rich
Mn0.8 20.83 ± 0.36 21.44 ± 0.45 20.84 ± 0.53 24.46 ± 0.59 6.67 ± 0.70 5.12 ± 0.30 CoCrFeNi-rich

Table 2. EPMA results of the MnxPdy phase in the CoCrFeNiPdMnx (x = 0-0.8) HEAs (in atomic fraction).

HEA Co Cr Fe Ni Pd Mn MnxPdy

Mn0.2 3.87 ± 0.85 7.48 ± 0.51 8.55 ± 0.17 5.49 ± 0.41 47.32 ± 0.65 27.29 ± 0.65 Mn3Pd5
Mn0.4 4.49 ± 0.83 7.32 ± 0.21 8.71 ± 0.21 5.53 ± 0.31 46.01 ± 0.76 29.44 ± 0.57 Mn3Pd5
Mn0.6 1.60 ± 0.09 4.78 ± 0.36 4.27 ± 0.45 3.39 ± 0.34 43.66 ± 0.93 42.31 ± 0.17 Mn7Pd9
Mn0.8 2.56 ± 0.38 6.28 ± 0.11 4.69 ± 0.79 3.81 ± 0.44 40.35 ± 0.67 41.71 ± 0.23 Mn7Pd9
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Figure 3. TEM images (a) and (d), the corresponding SAED patterns of FCC (b) and Mn3Pd5

(c) phases, and the EDS mapping of Co (e), Cr (f), Fe (g), Ni (h), Pd (i), Mn (j) for the as-cast
CoCrFeNiPdMn0.2 HEA.

Figure 4. TEM images (a) and (d), the corresponding SAED patterns of FCC (b) and Mn3Pd5

(c) phases, and the EDS mapping of Co (e), Cr (f), Fe (g), Ni (h), Pd (i), Mn (j) for the as-cast
CoCrFeNiPdMn0.4 HEA.
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Figure 5. TEM images (a) and (d), the corresponding SAED patterns of FCC (b) and Mn7Pd9

(c) phases, and the EDS mapping of Co (e), Cr (f), Fe (g), Ni (h), Pd (i), Mn (j) for the as-cast
CoCrFeNiPdMn0.6 EHEA.

Figure 6. TEM images (a) and (d), the corresponding SAED patterns of FCC (b) and Mn7Pd9

(c) phases, and the EDS mapping of Co (e), Cr (f), Fe (g), Ni (h), Pd (i), Mn (j) for the as-cast
CoCrFeNiPdMn0.8 RHEA.

For the Mn0.2 EHEA, the FCC phase was rich in Co, Cr, Fe, Ni and Pd but depleted of Mn, whereas
for the MnxPdy phase, the compositions of Co, Cr, Fe and Ni were negligible; see Figure 3 and Table 1.
According to the SAED patterns taken from the FCC-region and MnxPdy-region, the matrix was of a
FCC structure while the MnxPdy phase was a Mn3Pd5 intermetallic compound with lattice parameters
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of a = 0.2285 nm, b = 0.1998 nm and c = 0.2278 nm, being consistent with the XRD results in Figure 1.
It should be pointed out that even though the composition of Pd in the FCC phase (≈13.5%) was
much larger than that of Mn (≈2%), it was still considerably smaller than that in Mn3Pd5 intermetallic
compound (≈47%). Therefore, the fact that the FCC phase was rich in Pd cannot be shown by the EDS
mapping; see Figure 3i. For the Mn0.4 EHEA, the same result could be found from the SAED patterns,
i.e., the matrix was the FCC phase and the MnxPdy phase was the Mn3Pd5 intermetallic compound.
The FCC phase was still a (CoCrFeNiPd)-rich one and similar EDS mappings could be found; see
Figure 4e–j.

With the further addition of Mn element, the FCC phases became rich in Co, Cr, Fe and Ni
for the Mn0.6 and Mn0.8 EHEAs, while the compositions of Mn (~42.3% and 41.7%) and Pd (~43.7%
and ~40.4%) were comparable in the MnxPdy phases; see Figures 5e–j and 6e–j, Tables 1 and 2.
According to the SAED patterns in Figures 5c and 6c, the MnxPdy phase could be the Mn7Pd9 or
the Mn11Pd21 intermetallic compound with lattice parameters of a = b = 0.2267 nm, c = 0.203 nm or
a = b = 0.2235 nm, c = 0.1816 nm. Because the Mn11Pd21 phase was neither confirmed experimentally
nor theoretically [46], the MnxPdy phase in the Mn0.6 and Mn0.8 EHEAs was ultimately determined to
be the Mn7Pd9 intermetallic compound.

3.3. Solidification Path

To confirm further the effect of Mn addition on solidification microstructures, the cooling histories
were measured by DSC; see Figure 7. For the Mn0.2 (the solid line) and Mn0.4 (the dashed line) EHEAs,
two completely separated exothermal peaks could be found during the solidification process. The first
and the second peak should correspond to the primary solidification of the FCC phase and following
growth of the Mn3Pd5 intermetallic compound or eutectic growth. For the Mn0.6 EHEA (the dotted
line), two exothermal peaks still exited during the solidification process but they overlapped with each
other. As shown in Figures 1 and 2, an increase of the Mn content promoted the formation of MnxPdy

phase, thus intensifying the second exothermal peak during solidification and narrowed the distance
between the two peaks as shown in Figure 7. For the Mn0.8 EHEA, only one solidification peak could
be found; see the dashed-dotted line in Figure 7. The peak should correspond to eutectic solidification.

Figure 7. DSC solidification curves of as-cast CoCrFeNiPdMnx (x = 0.2–0.8) HEAs. Insert shows the
magnified exothermic peaks during solidification.

3.4. Mechanical Properties

The nanoindentor was used to measure the hardness and elastic modulus of FCC and MnxPdy

phases; see Figure 8a,b. It should be noted that the lamellar spacing of lamellar eutectics in the Mn0.6

and Mn0.8 EHEAs was so fine that it was beyond the measurability of the nanoindentor. In this case,
the coarse granular eutectics were measured. From Figure 8a, it can be seen that with an increase in
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the Mn addition, the hardness and elastic modulus of FCC phase first increased and then decreased.
From Table 1, the FCC phase was CoCrFeNiPd-rich for the Mn0.2 and Mn0.4 EHEAs while it was
CoCrFeNi-rich for the Mn0.6 and Mn0.8 EHEAs. From Ref. [49], the measured hardness of CoCrFeNiPd
HEA 3.16 GPa was nearly twice of CoCrFeNi HEA 1.47 GPa. This was the reason why the hardness of
Mn0, Mn0.2 and Mn0.4 HEAs was much larger than that of Mn0.6 and Mn0.8 HEAs; see Figure 8a. For
the MnxPdy phase, the hardness of the Mn3Pd5 intermetallic compound in the Mn0.2 (4.9 GPa) and
Mn0.4 (5.3 GPa) EHEAs was much larger than that of the Mn7Pd9 intermetallic compound in the Mn0.6

(3.1 GPa) and Mn0.8 (3.4 GPa) EHEAs. For both the FCC and MnxPdy phases, the evolution tendencies
of hardness were the same as those of the elastic modulus.

Figure 8. Hardness and elastic modulus of FCC phase (a) MnxPdy phase (b) in the CoCrFeNiPdMnx

(x = 0.2–0.8) HEAs.

To show further the effect of Mn addition on the mechanical properties, compression tests were
conducted for the as-cast Mnx HEAs; see Figure 9 One can see that with the increase of Mn addition,
the yielding strength held constantly at about 650 MPa. The fracture strain (strength) decreased from
about 50% (2.4 GPa) for the Mn0.2 HEA to about 35% (1.9 GPa) for the Mn0.8 HEA. The current EHEAs
had good strength and ductility.

Figure 9. Compressive engineering stress-strain curves of as-cast CoCrFeNiPdMnx (x = 0.2–0.8) HEAs.

4. Discussion

4.1. Effect of Mn Addition on Microstructures

With an increase in the Mn content, the microstructures of Mnx HEAs changed from dendrites for
the Mn0 HEA to divorced eutectics for the Mn0.2 and Mn0.4 EHEAs, to hypoeutectic microstructures
for the Mn0.6 EHEA and finally to eutectic dendrites for the Mn0.8 EHEA. The eutectic dendrite
solidification pattern in the Mn0.8 EHEA was formed by cooperative growth of the FCC phase and
Mn7Pd9 intermetallic compound. From Tables 1 and 2, the FCC phase was lacking Mn while the
Mn7Pd9 intermetallic compound was lacking Co, Cr, Fe and Ni. Therefore, lateral solute diffusion of
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Co, Cr, Fe, Ni and Mn formed the eutectic pattern while longitudinal solute diffusion of Pd made the
eutectic interface unstable to a eutectic dendrite.

From Figure 2e2,e3, seaweed eutectic dendrites were found for the Mn0.8 EHEA. Unlike the
normal dendrite pattern where the structure branches with pronounced orientation order, the seaweed
pattern is characterized by tip-splitting and the key factor for its formation is weak interface energy
anisotropy [50]. Generally, the formation of seaweed dendrites is highly related to alloy compositions
and solidification conditions [51–54]. For example, the effect of Zn content on the microstructures of
directional solidification of Al-Zn alloys was studied by X-ray tomographic microscopy and phase-field
simulation [51]. Accordingly, an increase in the Zn content modified the interface energy anisotropy,
thus leading to the transition from <100> dendrites at low Zn content to <110> dendrites at high Zn
content, between which were the <320> seaweed dendrites. For both the undercooled Cu-8.9 wt.%
Ni and Cu-3.98 wt.% Ni alloys [53,54], a transition from <100> dendrites to mixed <100> and <111>
seaweed dendrites and then to <111> dendrites was reported.

For eutectic solidification that consisted of at least two solid phases, its morphology was
determined by a combination effect of eutectic phases and the formation mechanism became more
complex. Eutectic seaweed dendrites were reported in the undercooled Co-24.0at.%Sn eutectic alloy,
in which the weak interface energy anisotropy ascribed to an alternate arrangement of lamellae and
alloy physical properties [55]. For the current Mnx HEAs, primary FCC dendrites were found in the
divorced eutectics (e.g., Mn0.2 and Mn0.4) and the hypoeutectic microstructures (e.g., Mn0.6), indicated
that its interface energy anisotropy was not weak. From Tables 1 and 2, the addition of Mn changed not
only the compositions of FCC phase but also those of the Mn7Pd9 intermetallic compound. Therefore,
it was quite possible that the addition of Mn influenced the interface energy anisotropy of both
the FCC/liquid and MnxPdy/liquid interfaces, thus forming the seaweed eutectic dendrites in the
Mn0.8 EHEA.

4.2. Effect of Mn Addition on Mechanical Properties

Because an increase in Mn addition results in a transition from the CoCrFeNiPd-rich to the
CoCrFeNi-rich FCC phase in the Mnx HEAs (Table 1) and the hardness of CoCrFeNiPd HEA is much
higher than that of CoCrFeNi HEA [49], the hardness of the FCC phase should decrease with increasing
Mn addition. This was however, not the case, e.g., the hardness increased first and then decreased;
see Figure 8a. The larger hardness of the FCC phase in the Mn0.2 and Mn0.4 EHEAs than that in the
Mn0 HEA could be ascribed to the solute strengthening effect. But this effect alone cannot explain the
fact that the hardness of the FCC phase in the Mn0.2 EHEA was larger than that in the Mn0.4 EHEA.
The TEM results showed that a small amount of Mn addition might promote but a large amount
would suppress the formation of nanotwins in the FCC phase; see Figure 10. Abundant nanotwins
of about 50 nm could be found in the Mn0.2 EHEA, whereas for the Mn0.4 EHEA, it was almost
free of nanotwins and so were the Mn0.6 and Mn0.8 EHEAs (not shown here). Therefore, the solute
strengthening effect and the formation of nanotwins made the hardness increase first with increased
Mn addition, the suppression of nanotwins then decreased the hardness and finally the transition from
the CoCrFeNiPd-rich to the CoCrFeNi-rich FCC phase made the hardness decrease considerably.

Besides, hierarchical nanotwins were found in the MnxPdy intermetallic compounds of
Mn0.2-Mn0.8 EHEAs; see Figure 10. With the help of Image-Pro Plus software, the spacing of the
primary twins (λ1) and secondary twins (λ2) in the MnxPdy intermetallic compound were measured
for the Mn0.2-Mn0.8 EHEAs; see Table 3. With an increase in the Mn addition, λ1 decreased but
λ2 remained unchanged for the Mn3Pd5 intermetallic compound. For the Mn7Pd9 intermetallic
compound, λ1 did not change significantly but λ2 decreased. The measured spacing of primary twins
(242.1 nm, 180.3 nm) and secondary twins (10.0 nm, 9.98 nm) in the Mn3Pd5 intermetallic compound
were much larger than those in the Mn7Pd9 intermetallic compound (15.0 nm, 15.0 nm for λ1, 2.22 nm
and 1.46 nm for λ2) but the hardness of the former was much larger than that of the latter. However,
for the same phase, a decrease of either λ1 or λ2 would increase the hardness of the intermetallic
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compound, being consistent with Yuan and Wu [56] who studied the size effects of primary and
secondary twins on the atomistic deformation mechanisms in the hierarchically nanotwinned metals.

Figure 10. TEM images of FCC phase in the Mn0.2 (a) and Mn0.4 (b) EHEAs.

Table 3. The measured spacing of primary twins (λ1) and secondary twins (λ2) for the MnxPdy phase
in the CoCrFeNiPdMnx (x = 0.2–0.8) EHEAs.

EHEA (MnxPdy) Spacing of Primary Twins λ1 (nm) Spacing of Secondary Twins λ2 (nm)

Mn0.2 (Mn3Pd5) 242.10 ± 26.63 10.02 ± 1.10
Mn0.4 (Mn3Pd5) 180.33 ± 19.84 9.99 ± 1.22
Mn0.6 (Mn7Pd9) 14.96 ± 16.46 2.22 ± 0.24
Mn0.8 (Mn7Pd9) 15.02 ± 1.65 1.46 ± 0.16

4.3. Designing Rules for EHEAs

Even though the EHEAs have good processing and mechanical properties, most of the reported
EHEAs were found by the trial and error method. Up to now, several studies were carried out for
designing EHEAs [42,57–59]. Lu et al. [57] started from their representative AlCoCrFeNi2.1 EHEA.
They divided the constituent elements into two different groups, i.e., Al and Ni with very high
negative mixing of enthalpy (−22 kJ·mol−1), and Co, Cr and Fe with similar atomic size and very
small negative mixing of enthalpy; see Table 4. Their method was to substitute Al by Zr, Nb, Hf and Ta
that had very high negative mixing of enthalpy with Ni. After using the enthalpy mixing of equimolar
binary alloys to obtain the eutectic points, four new EHEAs, i.e., Zr0.6CoCrFeNi2.1, Nb0.74CoCrFeNi2.1,
Hf0.55CoCrFeNi2.1 and Ta0.65CoCrFeNi2.1, were reported. In their subsequent work [58], the eutectic
composition containing (Ni, Co, Cr, Fe)-rich solid-solution phase in the (Co, Cr, Fe, Ni)-(Nb, Ta, Zr, Hf)
binary systems were averaged to obtain the eutectic compositions of pseudo binary alloy CoCrFeNiMx

(M = Nb, Ta, Zr and Hf). Consequently, four new EHEAs, i.e., Zr0.51CoCrFeNi, Nb0.6CoCrFeNi,
Hf0.49CoCrFeNi and Ta0.47CoCrFeNi, were found. Even though the actual eutectic compositions were
very close to the predicted ones using the above simple methods, the former method was based on
a known EHEA, which might limit its application [59] and for the latter, there should be a eutectic
reaction between the added element and any element in the base alloy which is not always the case for
EHEAs. For example, for the CoCrFeNiMnPdx EHEAs, eutectic reactions happen only in the Mn-Pd
and Cr-Pd binary alloys while for the CoCrFeNiPdMnx EHEAs, eutectic reactions can be found only in
the Pd-Mn binary alloy.

He et al. [42] designed a pseudo binary alloy, i.e., the CoCrFeNi HEA with a single FCC
solid-solution phase as the base alloy and Nb as the additional element. Such simple pseudo binary
method was followed by Jin et al. [59]. First, they chose one HEA with a single solid-solution phase
and one stable binary intermetallic compound. After that, they obtained the HEA with dual phase
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by mixing the two phases. To ensure the formation of an eutectic structure, three conditions were
proposed: (1) The single solid-solution phase should be stable enough without any segregation and
precipitation; (2) the binary intermetallic compound should be stable from room temperature to its
melting point; (3) the intermetallic compound must have the most negative mixing of enthalpy among
all the binary combinations in the alloy. With CoCrFeNi2, Co2CrFeNi and CoCrFe2Ni as the HEAs
with a single FCC solid-solution phase and NiAl as the binary intermetallic compound, they found
three new EHEAs.

Table 4. The mixing enthalpy ΔHmix (kJ·mol−1) of atom pairs in the current CoCrFeNiPdMnx

(x = 0.2–0.8) and some other EHEAs.

Co Cr Ni Mn Pd Al Nb Ta Zr Hf

Fe −1 −1 −2 0 −4 −11 −16 −15 −25 −21
Co −4 0 −5 −1 −19 −25 −24 −41 −35
Cr −7 2 −15 −10 −9 −7 −12 −9
Ni −8 0 −22 −30 −29 −49 −42
Mn −23 −19 −4 −4 −15 −12

For the CoCrFeNiMnPdx and CoCrFeNiPdMnx EHEAs, CoCrFeNi can be taken to be the HEA
with a single FCC solid-solution phase and MnPd can be taken to be the binary intermetallic compound;
their mixing led to the CoCrFeNiMnPd EHEA [47]. Even though the mixing enthalpy between Mn and
Pd was the most negative one (Table 4), the MnPd intermetallic compound was not stable enough from
room temperature to its melting point [46]. As a result, the MnxPdy intermetallic compound in the
eutectics depending on the compositions could be Mn2Pd3, Mn3Pd5 or Mn7Pd9 [46,47]. In one word,
the pseudo binary method could be a simple way for designing EHEAs but the designing rules still
need to be studied further to achieve general and effective rules. According to our study, the consistent
elements in the EHEAs with a solid-solution phase and an intermetallic compound can be divided into
two groups, i.e., two of them with very high mixing of enthalpy forms the intermetallic compound
and the rest of them with very small mixing of enthalpy forms the solid-solution phase. There should
be a eutectic reaction in the binary alloy system for the two elements in the first group. One of the
eutectic phases is the solid-solution phase which should have a good solubility for all the elements in
the second group. The other one is the intermetallic compound which might have negligible solubility
for all the elements in the second group.

5. Conclusions

In the current work, the Mnx (x = 0, 0.2, 0.4, 0.6, 0.8) HEAs were prepared and characterized. Our
main conclusions were as follows:

(1) With an increase in Mn addition, the microstructures of CoCrFeNiPdMnx HEAs changed from
dendrites to divorced eutectics, to hypoeutectic microstructures and finally to eutectic dendrites. For
the Mn0.2 and Mn0.4 (Mn0.6 and Mn0.8) EHEA, the FCC phase was a CoCrFeNiPd-rich (CoCrFeNi-rich)
phase and the MnxPdy intermetallic compound was Mn3Pd5 (Mn7Pd9). Addition of Mn might
influence the interface energy anisotropy of both the FCC/liquid and MnxPdy/liquid interfaces, thus
forming the seaweed eutectic dendrites in the Mn0.8 EHEA.

(2) With an increase in Mn addition, the hardness of FCC phase increased first and then decreased.
The solute strengthening effect of Mn and the formation of nanotwins made the hardness increase
firstly, the suppression of nanotwins then decreased the hardness and finally the transition from
the CoCrFeNiPd-rich to the CoCrFeNi-rich FCC phase made the hardness decrease considerably.
For the Mn3Pd5 and Mn7Pd9 intermetallic compounds, a decrease of either λ1 or λ2 would increase
the hardness.
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(3) The current EHEA system violates to some extent all the designing rules for EHEAs.
The pseudo binary method was improved accordingly and the current work might be helpful for
accelerating designing of potential EHEAs.
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Abstract: The effects of atomic size difference on the microstructure and mechanical properties
of single face-centered cubic (FCC) phase high-entropy alloys are studied. Single FCC
phase high-entropy alloys, namely, CoCrFeMnNi, Al0.2CoCrFeMnNi, and Al0.3CoCrCu0.3FeNi,
display good workability. The recrystallization and grain growth rates are compared during annealing.
Adding Al with 0.2 molar ratio into CoCrFeMnNi retains the single FCC phase. Its atomic size
difference increases from 1.18% to 2.77%, and the activation energy of grain growth becomes larger
than that of CoCrFeMnNi. The as-homogenized state of Al0.3CoCrCu0.3FeNi high-entropy alloy
becomes a single FCC structure. Its atomic size difference is 3.65%, and the grain growth activation
energy is the largest among these three kinds of single-phase high-entropy alloys. At ambient
temperature, the mechanical properties of Al0.3CoCrCu0.3FeNi are better than those of CoCrFeMnNi
because of high lattice distortion and high solid solution hardening.

Keywords: high-entropy alloys; mechanical property; recrystallization

1. Introduction

A multi-principal-element alloying system, developed by Yeh et al. in 2004 [1,2], is called
high-entropy alloy (HEA). HEAs are defined as equiatomic or near-equiatomic alloys containing at
least five elements, whose atomic concentration ranges from 5% to 35%. The multiprincipal-elemental
mixtures of HEAs result in high entropy, lattice distortion, sluggish diffusion, and cocktail effects [3].
High entropy causes single-phase structures to become stable; as such, HEAs usually consist of simple
solid solution phases with face-centered cubic (FCC) and body-centered cubic (BCC) structures rather
than other intermetallic compounds [2]. A lattice is highly distorted because all atoms are solutes that
can disorderly fill in a FCC or BCC lattice, and atomic sizes differ among elements in this alloying
system, thereby possessing strengthening effect in high-solid-soluted HEAs [4]. Lattice distortion
impedes atomic movement and slows down the diffusion rate of atoms in HEAs; these conditions lead
to higher recrystallization temperatures, that is, the activation energies of grain growth in deformed
HEAs are higher than those in conventional alloys [1,5].

In FCC single-phase HEAs, CoCrFeMnNi has been widely studied [2,6–11]. The atomic radius
of each component in CoCrFeMnNi is close to each other, and the atomic size difference (δ) is
approximately 1.18% only. δ is defined as follows:

δ = 100
√

∑n
i=1 ci (1 − ri/r)2, (1)
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where r = ∑n
i=1 ciri is the average radius, ci and ri are the atomic percentage and atomic radius of the

i element, respectively [12–14]. Other reports have also suggested that δ should consider the shear
modulus, adjacency, and differences in the modulus of another element in single BCC phase HEA [15].
Moreover, researchers clarified that δ might be dependent on chemical composition of the alloys and
the local lattice distortion in HEAs would differ from place to place [16,17].

Grain growth kinetics is usually described by the following equation:

dn − dn
0 = kt, (2)

where d is the grain size after annealing time t, d0 is the initial grain size (this term approaches to zero
for the as-rolled state), k is a temperature-dependent constant, and n is the grain growth exponent.
k can be described by Equation (3):

k = k0e−Q/RT , (3)

where k0 is a constant, R is Boltzmann’s constant, T is the temperature, and Q is the activation energy
of grain growth.

Otto et al. [6] observed that the activation energy of the grain growth of CoCrFeMnNi is 325
kJ/mol. However, the relation between lattice distortion and grain growth activation energy remains
unknown. To clarify this phenomenon, other researchers [9,18] added aluminum, whose atomic radius
is larger than that of other elements, to CoCrFeMnNi. Al is a BCC stabilizer in HEAs [9,19]. Thus,
Al addition is limited to a molar ratio of 0.2 to prevent the formation of dual-phases in CoCrFeMnNi.
With a moderate amount of Al addition, a FCC single-phase structure and a high atomic size difference
should be obtained in the designed alloy.

Al0.5CoCrCuFeNi high-entropy alloy is composed of matrix and Cu-rich phases, which become a
FCC phase after they are treated with a solution [19–23]. A Ni–Al–rich phase precipitates in the matrix
phase, and a Cu-rich phase precipitates at midtemperature, leading to the brittleness of the alloy at
intermediate temperature. Thus, to design single-phase structures, decreasing the amounts of Al and
Cu in Al0.5CoCrCuFeNi is needed.

According to the Hume–Rothery rule, solid solutions can be obtained until the atomic size
difference is larger than 15% [24]. In addition, factor Ω can be utilized to predict whether an alloy is
solid soluted:

Ω = Tm
ΔSmix
|ΔHmix| , (4)

where Tm is the melting point (Kelvin) of the alloy, and ΔSmix and ΔHmix are the mixing entropy and
enthalpy of the alloy, respectively [13]. For solid solution formation, Ω should be larger than 1. ΔHmix

ranging from −15 kJ/mol to 5 kJ/mol is beneficial to obtaining single-phase structures [12].
For high-entropy alloys, an empirical statistical pattern is observed by calculating the valence

electron concentration (VEC) to predict the formation of stable phases [25,26]. A phase consists of BCC
and FCC when the VEC is below 6.8 and above 8.0, respectively. Otherwise, BCC and FCC phases are
formed in HEAs.

In this study, Al0.3CoCrCu0.3FeNi (δ = 3.65%; ΔHmix = −4.38 kJ/mol; Ω = 5.67; VEC = 8.35) is
designed to be the FCC single-phase high-entropy alloy. The lattice distortion and activation energy
of grain growth in Al0.3CoCrCu0.3FeNi are compared with those of other FCC single-phase HEAs to
determine the effect of atomic size difference on microstructure and mechanical properties.

2. Materials and Experimental Methods

High-entropy CoCrFeMnNi, Al0.2CoCrFeMnNi, and Al0.3CoCrCu0.3FeNi alloys were prepared
by arc melting in a vacuum chamber at a pressure of 0.01 Torr, and its constituent elements had at least
99.99 wt.% purity. Melting was performed at a current of 500 A in a water-cooled copper hearth and
repeated at least four times to confirm chemical homogeneity. The dimensions of the final solidified
ingot were cuboid and had a width of 20 mm, a length of 40 mm, and a height of 10 mm. The ingots
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were homogenized at 1100 ◦C for 6 h, quenched with water quenching or cooled in a furnace, and cold
rolled at a thickness reduction of 70%. The specimens were annealed between 900 ◦C and 1100 ◦C for
various times and finally quenched with water.

The specimens were prepared by cutting, grinding, and polishing in a sequence. The crystalline
structure of the present alloys was characterized using an X-ray diffractometer SHIMADZU-XRD6000
equipped with Cu-target radiation (Kα = 1.54 Å) at 30 kV and 20 mA. The sample was scanned at
2θ angle from 20◦ to 100◦ at a scanning rate of 2◦/min. The microstructures were observed under a
scanning electron microscope (JEOL-5410) at an acceleration voltage of 20 kV for a working distance
of 24 mm. All of the specimens were etched with 0.5 g of copper (II) chloride, 10 mL of hydrochloric
acid, and 10 mL of ethanol mixing liquid solution to observe the grains. The grain size was calculated
and statistically measured using ImageJ. The grain size was also circled at least 400 grains to yield an
average grain size for each specimen. For the tensile test, all of the specimens were tested at ambient
temperature by Instron 4468 at a stain rate of 10−3 s−1. Figure 1 presents the dimensions of the samples
used in the tensile test.

θ

Figure 1. Dimensions of tensile specimens (unit: mm).

3. Results

3.1. Microstructure and Crystalline Structure

Al0.2CoCrFeMnNi is designed from CoCrFeMnNi by adding 0.2 molar ratio of Al to contribute
increased lattice mismatch. Figure 2 shows the X-ray diffraction (XRD) analysis of Al0.2CoCrFeMnNi
HEAs in its homogenized state quenched with water and cooled in a furnace. The lattice constant
of Al0.2CoCrFeMnNi is 3.582 Å. The atomic size difference of Al0.2CoCrFeMnNi can be calculated
by Equation (1), and the value is 2.77%. Figure 3 shows the XRD analysis of the designed
Al0.3CoCrCu0.3FeNi HEAs in its homogenized state after water quenching and furnace cooling.
The diffraction pattern also clearly reveals the appearance of peaks of the FCC structure only. The lattice
constant of Al0.3CoCrCu0.3FeNi is 3.585 Å. The atomic size difference of Al0.3CoCrCu0.3FeNi is 3.65%,
which is calculated by Equation (1).

θ

Figure 2. X-ray diffraction (XRD) patterns of homogenized Al0.2CoCrFeMnNi alloys after water
quenching and furnace cooling.
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θ

Figure 3. XRD patterns of homogenized Al0.3CoCrCu0.3FeNi alloys after water quenching and
furnace cooling.

3.2. Grain Growth Activation Energy of Al0.2CoCrFeMnNi and Al0.3CoCrCu0.3FeNi Alloys

All of the present alloys exhibit only single FCC phases without any other precipitations and
show good workability at room temperature. The reduction of thickness can reach 70% without any
cracks neither on the rims nor inside the as-rolled specimens. Recrystallization occurs after annealing
and is performed above 900 ◦C for various times. The movement of each solute atom is more difficult
than that in traditional alloying systems because of sluggish effect in high-entropy alloys. Under this
condition, the recrystallization temperature in HEAs becomes higher than that in conventional alloys.
Recrystallization takes place in high-lattice-strain energy regions, such as slip band, deformation
twin intersections, and grain boundaries, which are the preferred nucleation sites for new strain-free
grains. The average grain size of Al0.2CoCrFeMnNi is 42.6 μm after it is annealed at 1000 ◦C for
120 min, water quenching is subsequently performed Figure 4a. The grain sizes at different annealing
temperatures for various times are shown in Table 1. The grain growth activation of Al0.2CoCrFeMnNi
is calculated with Equations (2) and (3), and the linear fitting result is shown in Figure 5. The slope
of the fitting line represents the activation energy (Q) for grain growth, which is 434.4 kJ/mol in
Al0.2CoCrFeMnNi.

The grain growth is observed at 900 ◦C in Al0.3CoCrCu0.3FeNi, and the evolution of the
microstructure in Al0.3CoCrCu0.3FeNi is shown in Figure 6. High-resolution scanning electron
microscopy is utilized after the etching condition is optimized for observation because of the small
grain size. The grain sizes at different temperatures in various times are shown in Table 2. The grain
growth activation is calculated by Equations (2) and (3), and the fitting result is shown in Figure 7.
The activation energy of grain growth is 761.3 kJ/mol.

θ

  
Figure 4. Microstructure of Al0.2CoCrFeMnNi with cold rolling and annealing at (a) 1000 ◦C and
(b) 1100 ◦C for 120 min.
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Table 1. Grain size of Al0.2CoCrFeMnNi annealed at 1000 ◦C, 1050 ◦C, and 1100 ◦C with different times
(unit: μm).

Grain Size (μm)
Annealing Temperature (◦C)

1000 1050 1100

Annealing time (min)

10
30
60

120

27.0
40.1
48.1
63.2

42.6
65.7
80.3
98.4

80.2
118.1
152.8
201.2

°

°

°

Figure 5. Grain growth activation energy of Al0.2CoCrFeMnNi.

°

°

°

  

  

Figure 6. Microstructure of Al0.3CoCrCu0.3FeNi with cold rolling and annealing at 900 ◦C for (a) 120;
(b) 300; (c) 600 and (d) 1200 min.
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Table 2. Grain size of Al0.3CoCrCu0.3FeNi annealed at 900 ◦C, 950 ◦C, and 1000 ◦C at different times
(unit: μm).

Grain Size (μm)
Annealing Temperature (◦C)

900 950 1000

Annealing time (min)

120
300
600

1200

3.35
5.13
8.21

10.50

12.9
16.9
21.7
30.3

50.8
70.6

103.3
141.0

Figure 7. Grain growth activation energy of Al0.3CoCrCu0.3FeNi.

3.3. Relationship between Atomic Size Difference and Grain Growth Activation Energy

Three high-entropy alloy systems with a single FCC phase are observed: CoCrFeMnNi,
Al0.2CoCrFeMnNi, and Al0.3CoCrCu0.3FeNi. These alloys are selected and compared with others.
The outstanding phase stability of these HEAs can avoid from the formation of second phases that can
influence grain growth at increased temperature.

The calculated results of atomic size difference and grain growth activation is shown in Table 3.
The atomic size difference of Al0.3CoCrCu0.3FeNi is 3.65% as calculated by Equation (1). This value is
the highest in these three kinds of HEAs, and 2.77% and 1.18% belong to Al0.2CoCrFeMnNi and in
CoCrFeMnNi, respectively. The activation energy of Al0.3CoCrCu0.3FeNi for grain growth is also the
highest among others.

Table 3. Value of atomic size difference and grain growth activation energy.

Atomic Size
Difference (%)

Grain Growth Activation
Energy (kJ/mol)

ΔHmix (kJ/mol)

Al0.3CoCrCu0.3FeNi 3.65 761.3 −4.38
Al0.2CoCrFeMnNi 2.77 434.4 −6.24

CoCrFeMnNi 1.18 325.0 −4.16

The mixing enthalpy between each solute element is also shown in Table 4 to determine how the
mixing enthalpy affects the activation energy of grain growth. However, the mixing enthalpy of these
three HEAs is slightly related to the atomic size difference or the activation energy of grain growth.
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Table 4. ΔHmix for the element pairs (unit: kJ/mol).

 Al Co Cr Cu Fe Mn Ni 

Al  19 10 1 11 19 22 

Co   4 6 1 5 0 

Cr    12 1 2 7 

Cu     13 4 4 

Fe      0 2 

Mn       8 

Ni        

4. Discussion

4.1. Effect of Atomic Size Difference on Microstructures

The comparison result of the microstructure between Al0.2CoCrFeMnNi and Al0.3CoCrCu0.3FeNi
single FCC-type high-entropy alloys according to XRD analysis in Figures 2 and 3 shows that the
as-homogenized state and the furnace-cooled state both have outstanding phase stability without
any detrimental non-FCC phases regardless of the cooling condition. Haas, Sebastian, et al. [27]
reported that the Gibbs free energy of solid solution alloys is completely due to configurational entropy
and contributes to the thermal stability of solid solution alloys. The consequent single FCC phase
is gained with a significant sluggish diffusion effect in HEAs [3], and this parameter is beneficial to
the following heavily cold-rolling procedure without showing the undesired brittleness and ensuring
great workability.

The atomic size difference of Al0.3CoCrCu0.3FeNi is larger than that of Al0.2CoCrFeMnNi.
Different grain sizes are found (Tables 2 and 3) when the samples are treated with the same
thermomechanical process, that is, 70% cold rolled, annealed at 1000 ◦C for 120 min, and quenched
with water. This result reveals that the atomic size difference likely affects the ability of dislocation
movement, causing a different grain growth behavior in these two HEAs.

4.2. Effect of Atomic Size Difference on Mechanical Properties

Large atomic size difference (δ) corresponds to the great amount of activation energy needed
for grain growth. Large δ is associated with a high degree of lattice distortion in the single-phase
solid solution and cause atoms to spontaneously move at the most stable state, thereby decreasing
the potential energy of the existing defects in a low level; that is, defects are found in stable sites.
The energy of grain growth comes from the different energy levels between lattice distortion and
defects [28]. When the number of alloying elements is low, or the alloy is low entropy, the energy of
grain growth in such an alloy, which is nearly pure metal, is attributed to undistorted grain and perfect
dislocation, and the energy level difference between the former and the latter can be regarded as the
driving force for recrystallization then to make a perfect dislocation being released by a new grain.

In other cases, if the difference between these two energies is insufficient, the driving force for
recrystallization is too low to induce dislocation rearrangement. In other words, higher annealing
temperature or longer annealing time is needed so that it can enable the recrystallization to start at
dislocation site and new grain to grow subsequently.

Table 4 shows that aluminum has the highest binding energy to each element, possibly leading
to the solute-pinning effect and making each solute atom suitable to their lattice site. In other words,
atoms become self-accommodating to the stable sites. Thus, when a great amount of aluminum is
added, the grain is distorted remarkably because of large δ, causing energy level of a grain to be higher
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than undistorted one. Also, solute atoms are pinned in their preferred lattice site, and each solute atom
can act as an obstacle of the movement of dislocations, thus obtaining the lower energy level of pinned
dislocations, that is, dislocations become more stable or immovable.

4.3. Comparison of Tensile Properties with Different HEAs

Otto et al. [6] reported that the tensile properties of CoCrFeMnNi at different temperatures
with different grain sizes are yield strength of 350 MPa, ultimate tensile strength of 650 MPa,
and recrystallized grain size of 4.4 μm. With cold rolling and annealing, the grain size of CoCrFeMnNi
can be small. The compatible small scale of the grain size of Al0.3CoCrCu0.3FeNi was designed to
compare its mechanical properties with those of CoCrFeMnNi. After cold rolling and annealing were
performed at 900 ◦C for 5 h and water quenching was conducted, the grain size is approximately 5.13
μm under the optimized thermomechanical treatment. The final microstructure is shown in Figure 6b.

Figure 8 illustrates the tensile stress–strain curves of the designed Al0.3CoCrCu0.3FeNi in the
as-homogenized states and 900 ◦C/5 h annealing state. Table 5 shows the comparison of the mechanical
properties between CoCrFeMnNi and Al0.3CoCrCu0.3FeNi with different grain sizes. The yield strength
and the ultimate tensile strength are 500 and 717 MPa in the annealed Al0.3CoCrCu0.3FeNi, respectively.
The elongation of Al0.3CoCrCu0.3FeNi is smaller than that of CoCrFeMnNi, suggesting that the plastic
deformation in CoCrFeMnNi is involved in one-to-one atom-vacancy exchange mechanism [29,30].
This finding can be accounted for this high ductility.

Figure 8. Mechanical properties of Al0.3CoCrCu0.3FeNi alloy annealed at 900 ◦C for 5 h and the
as-homogenized state.

Table 5. Comparisons of mechanical property between CoCrFeMnNi [6] and Al0.3CoCrCu0.3FeNi.

CoCrFeMnNi [6] Al0.3CoCrCu0.3FeNi

Annealing condition
temperature/time 1150 ◦C/1 h 800 ◦C/1 h As-homogenized 900 ◦C/5 h

Grain size (μm) 155 4.4 516 5.13
YS (MPa) 190 350 217 500

UTS (MPa) 560 650 566 717
Elongation (%) 78 60 77 29

The lattice distortion of Al0.3CoCrCu0.3FeNi is higher than that of CoCrFeMnNi because the
former has a larger atomic size difference (δ) than the latter. Different δ can be related to the mechanical
behavior, for an example, higher yield and tensile strength in Al0.3CoCrCu0.3FeNi with the same FCC
structure and the close value of grain sizes compared with CoCrFeMnNi. The high lattice distortion
can introduce the concentrated strain field around the lattice, causing the movement of dislocations to
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be more difficult. The large amount of the added aluminum can introduce a high degree of interaction
to each alloying element, causing the pinning effect on dislocations. Finally, in high-entropy alloys
with high lattice distortion, although the lattice distortion effect on properties of HEAs is yet an open
question still await to be solved [31], once a large atomic size difference is obtained, the increment of
tensile strength can be predicted.

5. Conclusions

Al0.2CoCrFeMnNi is a single FCC high-entropy alloy structure composed of Al added to
CoCrFeMnNi at a molar ratio of up to 0.2. The microstructure of Al0.3CoCrCu0.3FeNi is also a
single FCC phase. The recrystallization and grain growth behavior of Al0.3CoCrCu0.3FeNi and
Al0.2CoCrFeMnNi are observed. The calculation of the grain sizes under different annealing conditions
reveals that the activation energy of the grain growth of Al0.2CoCrFeMnNi is 434.4 kJ/mol with an
atomic size difference of 2.77%. The activation energy of the grain growth of Al0.3CoCrCu0.3FeNi is
761.3 kJ/mol with an atomic size difference of 3.65%. A large atomic size difference indicates that a
high activation energy is needed for grain growth. The lattice distortion of Al0.3CoCrCu0.3FeNi is much
higher than that of single FCC-phase CoCrFeMnNi. The mechanical properties of Al0.3CoCrCu0.3FeNi
are superior to those of CoCrFeMnNi under similar conditions. This result is attributed to high lattice
distortion and pinning effect on dislocation because of the large atomic size difference in high-entropy
Al0.3CoCrCu0.3FeNi alloy.
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Abstract: The novel alloying concept of high-entropy alloys (HEAs) has been the focus of many
recent investigations revealing an interesting combination of properties. Alloying with aluminium
and titanium showed strong influence on microstructure and phase composition. However, detailed
investigations on the influence of titanium are lacking. In this study, the influence of titanium in
the alloy system AlCoCrFeNiTix was studied in a wide range (molar ratios x = 0.0; 0.2; 0.5; 0.8; 1.0;
1.5). Detailed studies investigating the microstructure, chemical composition, phase composition,
solidification behaviour, and wear behaviour were carried out. Alloying with titanium showed strong
influence on the resulting microstructure and lead to an increase of microstructural heterogeneity.
Phase analyses revealed the formation of one body-centred cubic (bcc) phase for the alloy without
titanium, whereas alloying with titanium caused the formation of two different bcc phases as main
phases. Additional phases were detected for alloys with increased titanium content. For x ≥ 0.5,
a minor phase with face-centred cubic (fcc) structure was formed. Further addition of titanium led to
the formation of complex phases. Investigation of wear behaviour revealed a superior wear resistance
of the alloy AlCoCrFeNiTi0.5 as compared to a bearing steel sample.

Keywords: HEA; high-entropy alloy; CCA; compositionally complex alloy; phase composition;
microstructure; wear behaviour

1. Introduction

High-entropy alloys (HEAs) are an emerging class of new materials. Their alloying concept differs
from conventional alloys, which are composed of one main element, and an improvement of properties
is achieved by adding minor amounts of other elements. In contrast, HEAs are multicomponent
alloys comprising at least five elements with approximately equimolar composition [1]. Despite their
complex composition, only simple solid solutions with fcc or bcc structure were formed for several
alloy systems. The formation of brittle and intermetallic phases can be successfully suppressed.
One of the first alloys with a single fcc phase is the equimolar alloy CoCrFeMnNi investigated by
Cantor et al. [2]. Due to their unique structure, HEAs exhibit an interesting combination of properties
e.g., high hardness and strength in combination with adequate ductility. Furthermore, a high wear
and corrosion resistance can be obtained [3–6]. Two main groups can be distinguished: HEAs forming
(i) cubic or (ii) hexagonal phases [4].

Detailed structural investigations of HEAs revealed that only a few alloys form a single phase
microstructure comprising fcc or bcc phases. Most alloys are composed of more than one phase, partly
including complex or intermetallic phases. For these alloys, the term compositionally complex alloys
(CCA) was introduced [7].
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One of the most intensely investigated HEA systems, primarily forming cubic phases is
AlCoCrCuFeNi [8,9]. Due to the positive enthalpy of mixing ΔHmix among Cu and the elements
Fe and Cr, segregation was observed, deteriorating mechanical and corrosion properties. Therefore,
subsequent investigations focused on the copper-free derivative AlCoCrFeNi [3,10–13]. Early studies
concentrated on the equimolar composition. However, investigations showed that optimum properties
are usually achieved when choosing a differing chemical composition [14].

Investigating the influence of different alloying elements showed a strong influence of aluminium
on the microstructure, phase composition, and properties [15,16]. For a low aluminium content,
fcc phases are stabilised, whereas high contents of aluminium act as a strong bcc phase stabiliser [17,18].
In addition, the formation of complex phases can be suppressed for a high aluminium content [19].

Furthermore, the influence of additional alloying elements has been investigated. One element
which shows distinct effects on microstructure, phase composition, and mechanical properties is
titanium. Due to its large atomic radius, titanium leads to solid solution strengthening, increasing its
hardness and strength. However, for a high titanium content, the formation of intermetallic phases
and compounds was determined, leading to embrittlement. The alloy system AlCoCrFeNiTi shows
high wear resistance also in comparison to conventional steels [20–24].

Detailed investigations on the influence of the alloying element titanium are required for the
development of lightweight HEAs. The aim of the present study is the determination of the influence
of this alloying element in the alloy system AlCoCrFeNiTix regarding its influence on microstructure,
phase composition and wear behaviour.

2. Materials and Methods

Bulk samples of the alloy system AlCoCrFeNiTix with the molar ratios of x = 0.0; 0.2; 0.5; 0.8;
1.0; 1.5 were produced by arc-melting. Elemental granules with a purity of ≥99.9% were used as raw
materials. The elemental granules were weighed and mixed according to the intended molar ratios.
Each sample had a total weight of 10 g. Arc-melting of the samples was conducted in a water-cooled
copper crucible.

After evacuating and reaching a pressure of 2 × 10−4 mbar, the furnace chamber was filled with
argon to a pressure of 1.1 bar. A tungsten electrode was used to ignite an arc. All samples were
remoulded three times and turned after each step to achieve chemical homogeneity. The resulting
samples had a diameter of approximately 20 mm. For the arc furnace, a low cooling rate of <50 K/s
was determined in preliminary studies.

Metallographic cross-sections were prepared according to standard metallographic procedures.
Investigations of the microstructure were carried out by scanning electron microscopy (SEM) in
a LEO 1455VP (Zeiss, Jena, Germany) with an acceleration voltage of 25 kV. For the visualisation of
material contrast, a backscattered-electron detector (BSD) was used. The analyses of the overall chemical
composition was carried out by energy dispersive X-ray spectroscopy (EDS) with a GENESIS spectrometer
(EDAX, Mahwah, NJ, USA) at a magnification of 500× within an analysis area of approximately
43,500 μm2. Three measurements were carried out for every sample. Microhardness measurements
(Vickers hardness HV0.5) were conducted with a Wilson Tukon 1102 device (Buehler, Uzwil, Switzerland)
in metallographic cross-sections. The average microhardness and standard deviation was calculated
from ten single indents. Phase analyses was conducted by X-ray diffraction (XRD) with a D8 Discover
diffractometer (Bruker AXS, Billerica, MA, USA) using Co Kα radiation (tube parameters: 40 kV; 40 mA).
The diffractograms were measured in a diffraction angle range (2θ) of 20◦ to 130◦ with a step size
of 0.01◦ and 3.4 s/step, which corresponds to 653 s/step due to the utilisation of a 1D Lynxeye XE
detector. For phase identification, the powder diffraction file (PDF) database 2014 (International Centre
for Diffraction Data) was used. The solidification behaviour was investigated by differential scanning
calorimetry (DSC) with a STA 409 C device (Netzsch, Selb, Germany) under argon atmosphere in the
temperature range from 1800 K to room temperature with a cooling rate of 20 K/min.
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To investigate the tribological behaviour under adhesive, oscillating, and abrasive wear conditions,
ball-on-disk, oscillating wear and scratch tests have been carried out. For the ball-on-disk tests a Tetra
Basalt Tester (Tetra, Ilmenau, Germany) were used. The oscillating wear tests were carried out with
a Wazau SVT 40 device (Wazau, Berlin, Germany) and a CSM Revetest-RST device (CSM Instruments
SA, Peseux, Switzerland) has been used for the scratch tests. The applied parameters are summarised
in Table 1.

Table 1. Wear test parameters.

Ball-on-Disk Test Oscillating Wear Test Scratch Test

Force 20 N Force 26 N Mode progressive
Radius 5 mm Frequency 40 Hz Force 1–200 N
Speed 96 RPM Time 900 s Speed 2.5 mm/min
Cycles 15916 Amplitude 0.5 mm Length 5 mm

Counter body Al2O3 Counter body Al2O3 Tip Rockwell C
Diameter 6 mm Diameter 10 mm Radius 200 μm

The measurements of the resulting wear depths after the ball-on-disk test were conducted by
a contact stylus instrument with a Hommel Etamic T8000 device (Jenoptik, Villingen-Schwenningen,
Germany). Resulting wear marks of the oscillating wear and scratch tests were analysed by laser
scanning microscopy (LSM) with a Keyence VK-X200 device (Keyence, Osaka, Japan) to determine the
resulting wear depth. The reference material bearing steel EN 1.3505 (100Cr6) was investigated under
identical conditions. Wear marks of the scratch test were investigated with the digital microscope
Keyence VHX-500 (Keyence, Osaka, Japan).

3. Results and Discussion

3.1. Chemical Composition

The mean chemical composition of all samples was measured. Results are summarised in Table 2.

Table 2. Mean chemical composition (in at.%) of AlCoCrFeNiTix samples, measured by EDS and nominal
values. The measured chemical compositions are in good agreement with the target compositions.

x Al Co Cr Fe Ni Ti

0.0
nominal 20.0 20.0 20.0 20.0 20.0 20.0

measured 21.3 19.4 19.9 19.9 19.5 0.0

0.2
nominal 19.2 19.2 19.2 19.2 19.2 3.9

measured 20.3 18.9 19.0 19.2 18.7 3.9

0.5
nominal 18.2 18.2 18.2 18.2 18.2 9.1

measured 20.0 17.8 17.4 17.6 18.2 9.0

0.8
nominal 17.2 17.2 17.2 17.2 17.2 13.8

measured 19.0 16.7 16.8 16.7 17.3 13.5

1.0
nominal 16.7 16.7 16.7 16.7 16.7 16.7

measured 17.9 16.2 16.7 16.6 16.4 16.3

1.5
nominal 15.4 15.4 15.4 15.4 15.4 23.1

measured 16.7 15.2 15.4 15.3 15.6 22.0

The chemical composition of the arc-melted samples was in good agreement with the nominal
values. Only for the aluminium content did a distinct deviation of >1 at.% occur. The titanium content
was in good agreement with the nominal values for all samples.
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3.2. Microstructure

SEM images of the microstructure using a BSD to visualise material contrast with different
magnifications are shown in Figure 1.

(a) 

  
(b) 

  
(c) 

  
(d) 

  

Figure 1. Cont.
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(e) 

  
(f) 

  

Figure 1. SEM micrographs (BSD detector) of arc-melted AlCoCrFeNiTix samples: (a) x = 0.0; (b) x = 0.2;
(c) x = 0.5; (d) x = 0.8; (e) x = 1.0; (f) x = 1.5 with phase declaration (PP: primary phase; CW: cell wall;
IP: interdendritic phase). The formation of additional phases and an increase of heterogeneity in the
microstructure can be observed for an increased titanium content.

For the alloy without titanium (x = 0.0), a homogeneous microstructure occurred. The grains
solidified with no preferred direction. Low differences of the chemical composition were confirmed
by a minor BSD contrast. Alloying with titanium causes the formation of a more heterogeneous
microstructure. Within the grains, material contrast was observed for the alloy with x = 0.2, indicating
differences in the chemical composition. Between both of these areas, no distinct boundaries occurred,
indicating a directional solidification with minor change in orientation. During the solidification,
the precipitation of the primary phase caused a depletion of alloy elements in the residual liquid phase,
causing the precipitation of a secondary phase with a different chemical composition. With further
increased titanium content (x = 0.5), a dendritic structure appeared. A bright-appearing phase
(interdendritic phase) was observed at the grain boundaries of the primary phase, indicating that this
area is rich in elements with a high atomic number. A third phase (cell wall) solidifies as a remainder
between the dendritic structures. For the alloy with higher titanium content (x = 0.8), the content of
this third phase increased. Also, for the samples with further increased titanium content (x = 1.0 and
x = 1.5), a dendritic structure comprising three distinguishable phases appeared. The cross-sections of
all arc-melted samples exhibited cavities and shrinkage porosity caused by a different contraction of
the present phases, and small amounts of breakouts due to the metallographic preparation or sample
production (black areas). The presence of these defects was most distinct for the alloy with the highest
titanium content (x = 1.5).

3.3. Solidification Behaviour and Phase Analyses

The solidification behaviour was determined by DSC measurements. The resulting cooling curves
in a temperature range of 1800 K to 800 K are shown in Figure 2.
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Figure 2. DSC cooling curves of arc-melted AlCoCrFeNiTix samples. A single exothermic reaction can
be observed for the alloy without titanium, whereas several exothermic reactions occur for all alloys
containing titanium, revealing the formation of additional phases.

The DSC cooling curve of the alloy without titanium (x = 0.0) exhibited one peak at a temperature
of 1640 K. All investigated alloys showed a major peak at a temperature above 1600 K, corresponding
to the major primarily formed phase. For the alloy with (x = 0.2), two distinct exothermic reactions
occurred, showing that two major phases were formed. The similar temperature range indicated
a continuous solidification. For the alloys with increased titanium content (x = 0.5 and 0.8), the DSC
cooling curves also showed two major exothermic reactions. However, the increasing temperature
shift of the peaks indicated a changed solidification behaviour and chemical composition of the second
major phases, while the primary phase precipitated at the same temperature. For the equimolar alloy
(x = 1.0), a further peak appeared at a temperature of 1470 K, showing that an additional phase was
formed. The DSC cooling curve of the alloy with the highest titanium content (x = 1.5) only displayed
two exothermic reactions, which can be ascribed to the two major phases also detected for the alloys
with lower titanium content. No further peak of another phase visible in the SEM images (Figure 1f)
appeared, indicating a small phase content or a similar solidification temperature.

For the assignment of phases, the resulting diffractograms of the XRD phase analyses are shown
in Figure 3.

Figure 3. XRD diffractograms of arc-melted AlCoCrFeNiTix samples. A single phase is formed for the
alloy without titanium, whereas diffraction peaks of additional phases occur for an increased titanium
content. Complex phases are formed for x ≥ 0.8.
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The diffraction diagram of the alloy without titanium (x = 0.0) exhibited high intensity diffraction
peaks which could be ascribed to a chemically ordered bcc phase with B2 structure. Diffraction peaks
of this phase appeared for all investigated alloys, which was in accordance with DSC results, revealing
that this phase is the primary phase (PP). For all titanium containing alloys, the diffractograms
showed an additional phase with a bcc structure: a chemically disordered bcc phase with A2 structure.
This phase corresponded to the second exothermic reaction in the DSC measurements, and hence
to the interdendritic phase (IP) in the alloys x ≥ 0.2. The stabilisation of bcc phases due to a high
aluminium content has been reported elsewhere in detail [19]. For the alloy with the lowest titanium
content (x = 0.2), no additional phases were be detected. However, with increased titanium content
further diffraction peaks occurred. For all alloys with a titanium content of x ≥ 0.5, an additional
peak at a diffraction angle of 31.0◦ appeared. This diffraction angle could be ascribed to an fcc phase.
Further diffraction peaks of this phase overlapped with the bcc (B2) phase. Previous investigations
of the alloy system AlxCoCrFeNiTi revealed the solidification of the fcc phase as a remainder in
the cell walls [19]. The diffraction diagram of the alloy with a titanium content of x = 0.8 exhibited
several additional diffraction peaks, which can be assigned to a tetragonal σ phase. This phase
has also been detected by Moravcik et al. for the alloy AlCoCrFeNiTi0.5 produced by spark plasma
sintering (SPS). Microstructural investigations revealed the formation of this phase embedded in
a mixture of other phases around a primary phase. However, subsequent heat treatment resulted
in the dissolution of the σ phase, showing that the formation of this phase sensitively depends on
manufacturing conditions [25]. For the equimolar alloy (x = 1.0), no diffraction peaks of the σ phase
appeared. Additional peaks occurred, which can be ascribed to a centred cluster (cc) with A12 structure
type. DSC results also revealed the formation of an additional phase, which solidifies as a remainder
after the two major bcc phases and forms cell walls in the microstructure. This phase has been detected
in the same alloy system in preliminary studies by Lindner et al. and for a high aluminium content
(AlCoCrFeNiTi1.5), the formation of this phase could be suppressed [19]. The diffractogram of the alloy
with the highest titanium content (x = 1.5) exhibited diffraction peaks which can be ascribed to the
bcc (A2), bcc (B2) and an fcc phase. However, the diffraction peaks at 2θ = 35.4◦; 96.7◦ and 98.9◦ of
these phases did not appear. This might be caused by the relatively coarse microstructure and texture
of the samples due to the comparatively slow cooling conditions. The diffraction diagram did not
exhibit peaks of the σ or cc (A12) phase. Additional diffraction peaks can be ascribed to a hexagonal
Laves phase (C14/MgZn2 type). A similar phase with slightly changed lattice parameters has been
detected by Zhou et al. [20]. The present phases and corresponding major crystallographic information
are summarised in Table 3.

Table 3. Summary of phases detected by XRD analyses for arc-melted AlCoCrFeNiTix samples.

x Phase Struktur-Bericht Lattice Structure Pearson Symbol Space Group Lattice Parameter (Å)

0.0 PP B2 bcc CsCl cP2 Pm3m (221) 2.88

0.2
PP B2 bcc CsCl cP2 Pm3m (221) 2.89
IP A2 bcc W cI2 Im3m (229) 2.87

0.5

PP B2 bcc CsCl cP2 Pm3m (221) 2.92
IP A2 bcc W cI2 Im3m (229) 2.87

CW A1 fcc Cu cF4 Fm3m (225) 5.82

0.8

PP B2 bcc CsCl cP2 Pm3m (221) 2.92
IP A2 bcc W cI2 Im3m (229) 2.87

CW A1 fcc Cu cF4 Fm3m (225) 5.85

CW C4 tetragonal TiO2 tP6 P42/mnm (136) a = 8.80
c = 4.56

1.0

PP B2 bcc CsCl cP2 Pm3m (221) 2.93
IP A2 bcc W cI2 Im3m (229) 2.88

CW A1 fcc Cu cF4 Fm3m (225) 5.87
CW A12 cc α-Mn cI58 I43m (217) 8.92

1.5

PP B2 bcc CsCl cP2 Pm3m (221) 2.94
IP A2 bcc W cI2 Im3m (229) 2.88

CW A1 fcc Cu cF4 Fm3m (225) 5.87

CW C14 hexagonal MgZn2 hP12 P63/mmc (194) a = 4.80
c = 7.81
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In addition to the formation of further phases, a shift of lattice parameters was observed with
increasing titanium content. The lattice parameters of the bcc (B2) phase and the fcc (A1) phase were
slightly increased. This behaviour indicated that more titanium with a large atomic radius was resolved
in these phases.

3.4. Hardness and Wear Behaviour

The influence of the titanium content on the average microhardness HV0.5 was investigated.
The results are summarised in Figure 4.
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Figure 4. Microhardness of arc-melted AlCoCrFeNiTix samples. Microhardness increases with titanium
content, reaching a maximum of 770 HV0.5 for the equimolar alloy.

For the alloy without titanium (x = 0.0), an average microhardness of 550 HV0.5 was measured.
With increasing titanium content, an increase of microhardness was observed, reaching a maximum for
the equimolar composition with a microhardness of 770 HV0.5. The increasing hardness indicated the
formation of additional phases, which was in accordance with microstructural investigations and phase
analyses. Furthermore, solid solution strengthening contributes to an increase of hardness—an increase of
lattice parameters could be proven for the bcc (B2) and fcc (A1) phases. However, for the alloy with the
highest titanium content (x = 1.5), a reduced microhardness of 730 HV0.5 was measured, which might be
a result of the increased presence of cavities and shrinkage porosity in that alloy.

The wear behaviour was investigated under adhesive, oscillating, and abrasive wear conditions
in ball-on-disk, oscillating wear, and scratch tests. The results are summarised in Figure 5.
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Figure 5. Wear depths of bearing steel EN 1.3505 and AlCoCrFeNiTix in: (a) Ball-on-disk; (b) Oscillating
wear and (c) Scratch tests. The wear depths of AlCoCrFeNiTix are decreased in comparison to EN
1.3505, except under oscillating wear conditions. Overall, the best results are obtained for x = 0.5.

The investigation of the wear behaviour in the ball-on-disk test revealed a high wear depth for the
alloy without titanium (x = 0.0). With the addition of titanium (x = 0.2), a slight decrease of wear depth
could be achieved. Further increase to x = 0.5 resulted in a distinct decrease of wear depth. The alloy

340



Entropy 2018, 20, 505

x = 0.5 exhibited a multiphase character, only comprising cubic phases. In comparison to the alloys
with lower titanium content, the microhardness was increased, which enhanced wear resistance in
ball-on-disk tests. However, further increase of titanium content did not cause a reduction of wear
depth or an improvement of the wear resistance. Phase analyses revealed the formation of additional
complex phases reducing wear resistance. All samples containing titanium exhibited a lower wear
depth in comparison with the bearing steel EN 1.3505, and hence a higher wear resistance in the
ball-on-disk test.

In the oscillating wear tests, the highest wear depth was measured for the alloy without titanium
(x = 0.0). Adding minor amounts of titanium resulted in a decrease of the wear depth. For the sample
x = 0.5, the lowest wear depth was measured, showing that a multiphase character only comprising
cubic phases was advantageous under oscillating wear condition. The further addition of titanium
led to an increase of the wear depth. Additional tetragonal or cc phases did not contribute to an
improvement of wear resistance. For the alloy with the highest titanium content (x = 1.5), a low wear
depth was measured, which was in the range of the alloy with x = 0.5. In comparison with bearing steel
EN 1.3505, all investigated samples exhibited a higher wear depth, and thereby lower wear resistance
under oscillating wear conditions.

Under abrasive tribological conditions in the scratch tests, the lowest wear depth was measured
for the sample with a titanium content of x = 0.2. With an increase in titanium content, the wear
depth slightly increased. The highest wear depth was measured for the equimolar alloy (x = 1.0).
In comparison to the bearing steel EN 1.3505, all investigated samples exhibit a distinctly lower wear
depth and thereby higher wear resistance. The wear tracks of all samples were investigated by optical
microscopy. In Figure 6 images of the sample surface where the highest load was applied in the
progressive mode scratch test are shown.

   

   

Figure 6. Surface of the arc-melted AlCoCrFeNiTix samples: (a) x = 0.0; (b) x = 0.2; (c) x = 0.5; (d) x = 0.8;
(e) x = 1.0; (f) x = 1.5 after progressive mode scratch test. Ductile behaviour occurs for x ≤ 0.5, whereas cracks
or spalling of material are visible for x ≥ 0.8.

The investigation of the surface after scratch test under abrasive conditions reveals no cracks
or spalling of material along the main scratch for the sample without titanium (x = 0.0) and the
two samples with the lowest titanium content (x = 0.2; x = 0.5). However, spalling of material and
distinct secondary cracks perpendicular to the main scratch can be observed for all samples with
a titanium content exceeding x = 0.5. The formation of secondary cracks and spalling of material
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indicated the brittle behaviour of these alloys, which is caused by the formation of additional, complex
phases—tetragonal, cc and a hexagonal Laves phase for a titanium content x ≥ 0.8. These phases
possess low numbers of slip systems, which results in reduced ductility.

4. Summary and Conclusions

The influence of the alloying element titanium was studied in detail in the alloy system
AlCoCrFeNiTix. For the alloy without titanium (x = 0.0), a single chemically ordered bcc phase with B2
structure is formed. In contrast, a multiphase microstructure was revealed for all titanium-containing
alloys. With an increase of titanium content, an increase of heterogeneity of the microstructure is
observed. Furthermore, the hardness can be distinctly increased, whereas the maximum hardness is
achieved for the equimolar composition. Phase analyses prove the formation of two major bcc phases
for all titanium-containing samples. One chemically ordered bcc phase with B2 structure and one
chemically disordered bcc phase with A2 structure is formed. With an increase in titanium content,
additional phases occur. For x ≥ 0.5 a minor fraction of an fcc phase was detected. A further increase
in titanium content results in additional, more complex phases. This could also be proved by analysing
the solidification behaviour. Analyses of the lattice parameters revealed a shift to bigger values with
increasing titanium content, especially for the bcc (B2) and the fcc (A1) phase. The alloy system
AlCoCrFeNiTix exhibits an increased wear resistance in comparison with the bearing steel EN 1.3505,
except under oscillating wear conditions.

Correlations between phase composition, microstructure, and wear resistance can be concluded.
Microstructure design for high wear resistance requires cubic phases. Hereby, a multiple bcc/fcc
phase character exhibits an advantageous behaviour. Complex phases (cc and tetragonal) increase the
hardness, but should be avoided in order to achieve a high wear resistance, as the presence of these
phases causes increased brittleness. AlCoCrFeNiTi0.5 is a promising candidate for wear protection
applications in both bulk and coating materials.
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Abstract: The mechanical behavior of a partially recrystallized fcc-CoCrFeNiTi0.2 high entropy
alloys (HEA) is investigated. Temporal evolutions of the morphology, size, and volume fraction of
the nanoscaled L12-(Ni,Co)3Ti precipitates at 800 ◦C with various aging time were quantitatively
evaluated. The ultimate tensile strength can be greatly improved to ~1200 MPa, accompanied
with a tensile elongation of ~20% after precipitation. The temporal exponents for the average
size and number density of precipitates reasonably conform the predictions by the PV model.
A composite model was proposed to describe the plastic strain of the current HEA. As a consequence,
the tensile strength and tensile elongation are well predicted, which is in accord with the experimental
results. The present experiment provides a theoretical reference for the strengthening of partially
recrystallized single-phase HEAs in the future.

Keywords: high entropy alloys; precipitation kinetics; strengthening mechanisms; elongation
prediction

1. Introduction

High entropy alloys (HEAs), a new class of structural materials, have attracted a great deal
of attention in recent years on account of their special intrinsic characteristics [1–9], such as high
configuration entropy [10], sluggish atomic diffusion [11], and large lattice distortion [12]. Nevertheless,
recent studies indicate that single-phase HEAs, especially single-phase fcc HEAs, the strength is
insufficiently for structural applications [13,14]. In other words, strengthening is badly needed so
that satisfactory mechanical properties can be achieved. Klimova et al. [15] reported that in the Al-
and C-containing CoCrFeNiMn-type high-entropy alloy, substructure strengthening was found to be
dominated at low rolling reductions (<40%), while grain (twin) boundary strengthening prevailed
at higher strains. Chemical short-range order also has an important influence on the mechanical
properties of FeCoNi(AlSi)x high entropy alloys [16]. Among the numerous strengthening mechanisms,
Precipitation hardening is an effective technique widely used for strengthening high entropy
alloys [9,17–22]. For example, He et al. [17,23] reported nano-sized L12 coherent precipitates in a face
centered-cubic (fcc) NiCoFe alloy with minor additions of Al and Ti, specifically (NiCoFeCr)94Ti2Al4,
which exhibits a strength increment of about 327 MPa. It is widely studied that these HEAs are all fully
recrystallized, and the grain/grain boundary is thermally stable. In contrast, the partial recrystallized
HEAs are rarely studied, the microstructure-property relationship and consequent strengthening
mechanism are lacking. In this study, we pay attention to the effect of the partially crystallized
microstructure on the mechanical properties. The grain growth mechanisms for the nanoscale
precipitation and strengthening mechanisms are fully investigated. In addition, a quantitative model
for estimation of tensile ductility is established.

Entropy 2019, 21, 389; doi:10.3390/e21040389 www.mdpi.com/journal/entropy345
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2. Materials and Methods

The mixture of Co, Cr, Fe, Ni, and Ti with purity of at least 99.9% (weight percent, wt.%)
was prepared by arc-melting. Under a Ti-gettered argon atmosphere, the sample was cast into an
85 × 10 × 2 mm3 copper mould and CoCrFeNiTi0.2 (atomic percent, at.%) alloy ingots were prepared.
A stable uniform structure was obtained at 1200 ◦C homogenized for 5 h. The sliced samples were
cold-rolled to 75% of the total reduction ratio, and then aged at 800 ◦C for 3 h, 5 h, 8 h, 10 h, 24 h
and 48 h respectively, followed by water quenching. The phase identification was carried out by
X-ray diffraction (XRD) using Cu Kα radiation. Then, optical microscopy (OM), scanning electron
microscopy (ZEISS SUPRA55 SEM) operated at 20 kV, with the working distance of 9.1 mm, energy
dispersive spectrometer (EDS), and JEM-2010 transmission electron microscopy (TEM) were used to
observe the surface microstructures. Dog-bone-like tensile specimens with a gauge length of 10 mm,
a gauge width of 2 mm and a thickness of 0.5 mm were prepared from aged specimens by electrical
discharge machining. Instron 5969 universal testing machine was used to carry out quasi-static tensile
tests at room temperature at a constant strain rate of 1 × 10−3 s−1 greater than or equal to five times.

3. Results and Discussion

3.1. Precipitation Kinetics

As can be seen from Figure 1a, the XRD diagrams of homogenized and aged alloys are displayed.
In each alloy, a series of fcc diffraction peaks can be found, which indicates that the matrix of the
four alloys is composed of the same fcc phase. In aged samples, an extra series of minor peaks,
named L12-Ni3Ti, can be detected, which indicates that there is a great probability of the existence
of a secondary phase. Figure 2a–e,g–h shows the corresponding SEM micrographs of these HEAs
in different statuses. It can be concluded that in Figure 2a, the homogenized alloy demonstrates a
single-phase structure, in accordance with the XRD pattern. There are only a few etch pits on the
surface probably introduced during electropolishing. After the homogenization process been carried
out, the grains are all transformed into equiaxed grains with an average grain size of ~198 μm.
Figure 2b exhibits the microstructural feature of the cold-rolled CoCrFeNiTi0.2 HEAs. Because
of the large CR reduction, there are serious deformation and elongation of grains in the rolling
direction, and a high-density of lamellar deformation bands can be dramatically observed after
electro-polishing. Similar microstructures have been reported in Fe34.95Ni27.5Co17.5Al11.5Cr8.5B0.05

HEAs [24]. Since the recrystallization temperature of the present HEA is above 800 ◦C, a large number
of slip lines (deformation bands) remain in the matrix. As a consequence, in the recrystallization
region, the precipitates spread along the grain boundaries, as shown in Figure 2c. Besides, some
plate-shaped precipitates are formed. Generally, upon aging, precipitates often preferentially form
at grain boundaries, which is the microstructural heterogeneous site. Moreover, when the aging
temperature is low, for instance 800 ◦C here, the diffusion along the grain boundary is much faster
than that in the lattice [23]. This is the main reason why the plate-shaped precipitates grow at grain
boundaries. Whereas in the area where the grains are not recrystallized, a great many precipitates
are uniformly distributed throughout the matrix, as evidenced in Figure 2d. The measured average
compositions of the precipitates and fcc matrix in the 800 ◦C/5 h aged alloy, as well as the composition
variation across a single precipitate is, as shown in Figure 1b. It indicates that the precipitates are
enriched with Ni and Ti, but depleted in Co, Cr, and Fe. Meanwhile a part of Ni is substituted by Co.
With the above EDS analysis, it is finally identified that the precipitates in the 800 ◦C/5 h aged alloy
is the (Ni,Co)3Ti phase. Figure 2i shows the bright field TEM images of aged alloys at 800 ◦C/5 h.
Spheroidal and plate-shaped particles with an average size of 145 nm are found to disperse in a matrix.
From the illustration on the right side of Figure 2i, the selected area electron diffraction (SAED) pattern
along Z = [011] taken from the precipitates are indexed. The main diffraction points can effectively
prove that the matrix does has an fcc structure, whilst additional weak spots observed in the image can
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also scientifically prove the existence of precipitates with superlattice L12 structure. Han et al. have
identified that L12 phase as (Ni,Co)3Ti type γ′ phase [25].

Figure 1. The XRD patterns of the homogenized and the aged alloys (a), and EDS-measured
composition variation across a single precipitate in the 800 ◦C/5 h aged alloy(b).

Figure 2. SEM images of the homogenized (a), the cold rolled (b), the 800 ◦C/3 h aged (c–d) alloys
and the aged alloy of different aging time: 5 h (e), 10 h (g), and 48 h (h). The left insert in (e) is the
corresponding enlarged views of the slip lines in 800 ◦C/5 h aged alloy. (f) and (i) show the TEM
image of the L12 precipitates and the slip lines in 800 ◦C/5 h aged alloy, respectively.

As mentioned above, many slip lines remain in the matrix on account of partial recrystallization,
which is revealed in Figure 2e. In order to further examine the nature of these slip lines, an enlarged
area is selected as exhibited in the left inset of Figure 2e. A significant amount of slip lines along
different directions are clearly observed inside the grains. Although the directions of these slip lines
are inconsistent, the value of the intersection angle between them is virtually constant as to be about
60◦. Figure 2f is the corresponding TEM image of these slip lines in 800 ◦C/5 h aged alloy. The slip
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lines are distributed along different directions, and the intersection angle between one another is about
60◦ as well, which are consistent with SEM images.

To unveil the evolution of precipitation with the time, SEM images for 800 ◦C/5, 10, and 48 h
aged alloys are carefully taken. The precipitates in Figure 2e are basically spheroidal and plate-shaped,
uniformly distributed throughout the fcc matrix, the volume fraction is about 15.6 %. As time goes on,
the shape of the precipitates turns to be droplet-like and plate-shaped. The average size of precipitates
is closely related to the aging time. The longer the aging time is, the larger the average size of
precipitates will be. For example, after three hours of aging, the average size of particles is 120 nm,
but the average value rises to 385 nm after aging for 48h. The size distributions of the two aged alloys
are plotted in Figure 3. Moreover, the precipitate number density nv is negatively correlated with the
aging time. A similar variation of the precipitate with aging time has been reported in many HEAs,
such as (NiCoFeCr)94Ti2Al4 [26] and (FeCoNiCr)100-x-yTixAly [23] HEAs.

 
Figure 3. The size distributions of the 800 ◦C/3 h aged alloy(a) and 800 ◦C/48 h aged alloy(b).

The precipitate number density nv, was determined from nv = na/d, where na is the areal
density of precipitates measured from SEM micrographs. The precipitate size was defined using
an area-equivalent diameter (i.e., diameter = 2

√
(areaπ )) measured from SEM micrographs. The

average precipitate size d, was calculated according to precipitate size distributions. Dividing the areal
density by the precipitate diameter to get the number density in three-dimensional space. It should
be noted that many slip lines are clearly revealed in the matrix in 800 ◦C/3 h aged alloy, as shown in
Figure 2e. With the aging time, the amount of slip lines is gradually decreased. When the aging time is
reached to 48 h, the slip lines do not basically exist in the matrix. This indicates that although the alloy
does not fully recrystallize at 800 ◦C, the recrystallization has been going on with the extension of time.

It is very important to study the precipitates growth kinetics in order to further reveal the
microstructure-property relationship. The volume fraction (ϕ(t)), number density (nv(t)), and average
size (d(t)) are all varies with time, and the relationship is shown in Figure 4a,b, which is corresponding
to L12 precipitates in the CoCrFeNiTi0.2 HEAs aged at different times in 800 ◦C. It can be seen from
Figure 4a that the value of ϕ(t) remains constant when the aging time changed from 3 to 48 h. It is
pointed out that the nucleation stage of the precipitation process has been bypassed and entered the
coarsening stage directly, therefore ϕ(t) remain stable on its equilibrium value (ϕeq) [26]. The stored
energy is negatively correlated with the aging time, which is consistent with the theory. With the
increase of aging time, the stress concentration is caused by the growth of precipitates, leading to
the fracture of the alloy more easily, which is corresponding to the reduction of stored energy. The
precipitation number density nv(t) is a function of aging time, as demonstrated in Figure 4b, which
indicates the power-law relationship between the two variables at a given temperature. When the aging
time is increased from 3 to 48 h, the number density is accordingly decreased from (5.6 ± 0.3) × 1020 to
(6.4 ± 0.2) × 1017 m−3. Definitely, the power-law exponent for nv(t), namely the slope of the linear fitted
curve is −0.78. Similar temporal exponents also appear in some Ni-Al-based ternary alloys [27–30].
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The size of precipitates also depends on the aging time. It can be concluded from Figure 4b that the
average precipitation size d(t) also follows the power law relationship. The power law index is 0.41.

A model can be used to explain the power-law relationship among the number density, average
precipitation size and aging time scientifically and effectively. Philip and Voorhees established the PV
model for Ostwald ripening in multi-component systems [31]. According to the model, the coarsening
process of precipitates is in accordance with a similar power-law relationship. In other words, the size of
precipitates raised to a 1/3 power, due to the increasing aging time. To apply the PV model reasonably
to the CoCrFeNiTi0.2 HEA, the first step is to concentrate the chemical composition. The baseline of
the alloy is fcc-CoCrFeNi. In addition, Ni is the only element with an fcc structure in the alloy, so it can
be treated substantially as a Ni-based alloy. Besides that, the lattice constant of CoCrFeNi (0.3572 nm)
is highly close to that of Ni (0.3517 nm) [30]. Hence, it seems logical to treat the CoCrFeNiTi0.2 as a
Ni-based pseudo binary Ni-Ti alloy. Therefore, the PV model of stable coarsening reaction can be used
to calculate the coarsening behavior of L12 precipitation in CoCrFeNiTi0.2 HEAs [32–35]:

d3(t)− d3(t0) = K(t − t0), (1)

nv(t)
−1 − nv(t0)

−1 = 4.74
K

ϕeq
(t − t0), (2)

where K represents the coarsening rate constant, d(t), and nv(t) refer to the average size and number
density of precipitates at time t. Obviously, in Figure 3a,b, the time index for nv(t) is −0.78, and that
for d(t) is 0.41, which is basically consistent with the predicted values of −1 (Equation (3)) and 1/3
(Equation(2)) corresponding to the PV model. The main reason for the slight deviation is probably
caused by the fact that the aging time is within a limited duration, but in principle, the coarsening
stage of precipitates cannot reach a stable state [36–39].

 
Figure 4. Temporal evolution of (a) volume fraction (Φ(t)) and stored energy (E(t)), (b) number density
(nv(t)), and average size (d(t)) of L12 precipitates in the CoCrFeNiTi0.2 high entropy alloys (HEA).
Tensile stress-strain curves of the homogenized and the annealed alloys(c). Detailed tensile strength
and the elongation value are plotted in (d).

3.2. Strengthening Mechanisms

In order to study the effect of microstructure on mechanical properties, uniaxial tensile tests were
carried out. As can be seen from Figure 4c, the tensile engineering stress-strain curves of the current
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seven HEAs under room temperature are measured. The homogenized alloy exhibits high ductility,
which reaches 48%, but the yield and ultimate strengths of the alloy are low, which are only 315 and
609 MPa, respectively. A similar value of strength is obtained in CoCrFeMnNi HEAs [1]. Compared
to the homogenized alloy, the aged alloys (3 h) exhibit a striking improvement in the mechanical
performances, the yield and ultimate strength can reach about ~800 and ~1200 MPa respectively,
accompanied by ~20% homogeneous elongation. Detailed tensile strength and the elongation of the
aged alloys are plotted in Figure 4d. It is noteworthy that both the tensile strength and elongation
are gradually decreased with the aging time. The results can be ascribed to the growing up of the
second-phase precipitates with the increasing aging time, which can pin the dislocation movement
and accordingly promote the dislocation accumulation, leading to stress concentration, which in turn
reduce both the strength and ductility [23].

In precipitation hardening alloys, the particles morphological distribution is the main factor
of strength, which covers particle size, particle shape and spacing between particles. The classical
Orowan bowing/looping and particles shearing are the main models used to describe the precipitation
hardening, which mainly includes. Orowan looping often occurs when the radius of the coherent
particles exceeds the critical value or when the particles are incoherent with the matrix. Whereas when
the precipitates are small and coherent, the shear mechanism takes place. For the current HEA, the sizes
of the precipitates are all more than 100 nm, and the particles are not easily plastically deformed.
Therefore, it is concluded that L12 particles strengthen the alloy via Orowan mechanism. The critical
stress σ or can be expressed in the following [40]:

σor = M· 0.4Gb
π
√

1 − υ
·
ln
(

d
b

)
λ

, (3)

where M = 3.06 is the Taylor factor, G = 87.5 GPa is the shear modulus, υ = 0.31 is the Poisson ratio,
and b =

√
2/2 × aCoCrFeNiTi0.2 = 0.255 nm represents the burger vector for an fcc structure. d =

√
2/3·d

represents the average precipitate diameter on the slip planes. λ = d(
√

π/(4f)−1) represents the
average interparticle spacing. Orowan stresses for precipitates in the six aged HEA with different
volume fractions and sizes are calculated respectively.

As mentioned above, a large number of slip lines exist in the alloys along various directions,
due to partial recrystallization. These slip lines can be regarded as sub-grain boundaries. Generally
speaking, grain refinement can greatly improve the strength of the alloy. The volume fraction of the
grain-boundaries is negatively correlated with the grain size. Smaller grain size offers a higher volume
fraction of grain-boundaries, which will hinder the movement of dislocations. So here the extensive
slip lines can improve the strength by grain-boundary strengthening. To apply the mechanism to the
current CoCrFeNiTi0.2 HEA, let us consider its equivalent grain size. Figure 5a–b is the corresponding
schematic illustration. The slip lines within a grain are selected as the statistical target. Draw twelve
lines passing through the center of the grain at 30-degree intervals and measure the length of each
line, as Figure 5a shows. Then, it is counted how many segments the 12 lines are divided by the slip
lines within a grain and how many segments each slip line within a grain are divided by the 12 lines.
Accordingly, it is obtained the length of each line being cut off and the average length. From the
two dimensions, the equivalent length of the spacing can be obtained between the slip lines, that is,
the average grain diameter. In the statistics at least 50 grains were used for counting in different aging
times. In this way, the distance between slip lines within the grains is transformed into the average
grain diameter of sub-grain boundaries (Figure 5b). Consequently, the strength increment provided by
grain-size refinement can be theoretically predicted.

Hall-Petch equation can explain the relationship between yield strength and grain size
scientifically [41]:

σy = σ0 + ky/d
1
2 , (4)
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where σy represents the yield stress, σ0 represents the lattice friction stress, ky represents the
strengthening coefficient, and d represents the average grain diameter. We can express the increase of
yield strength caused by grain size difference (ΔσG) as:

ΔσG = ky

(
dp

−1
2 − dA

− 1
2

)
. (5)

In the formula, dP denotes the grain size of the thermo-mechanically processed alloys, and dA
represents the grain size of the homogenized alloy.

In order to show the conclusion more intuitively and clearly, the histogram, as shown in Figure 5c,
is summarized to explain the strength contribution of the above two strengthening mechanisms. The
black part represents the intrinsic strength of the alloy, or the so-called lattice friction strength, according
to Moon et al [42], the calculated value is 156 MPa. It can be seen from the diagram that the contribution
of precipitation strengthening to strength increment is much greater than that of grain-boundary
strengthening. However, with the growth of precipitated particles size, the contribution of precipitation
strengthening is gradually decreased, similar to the (FeCoNiCr)100-x-yTixAly HEAs reported before [23].
Moreover, with the aging time, the number of slip lines is decreased, leading to the increased distance
between slip lines, thus causing gradually weakened contribution of grain boundary strengthening,
which is consistent with the experimental results in Figure 4c.

Figure 5. Schematic illustrations showing the slip line be equivalent to sub-grain boundary (a) and
(b). Strengthening contributions from precipitation hardening and grain-boundary hardening in all
the aged alloys (c). The elongation displayed as a function of the volume fraction and mean particle
diameter of L12 phase in the current HEA (d).

3.3. Prediction of Elongation

Compared with the strength which is relatively easy to evaluate in the existing models, it is quite
challenging to quantitatively evaluate the tensile ductility. Aging time is one of the important reasons
for the variation of tensile ductility in current HEA. It is due to that with the increase of aging time,
the L12 particles grow up gradually, leading to stress concentration, which will lead to a significant
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reduction in ductility. Here, the present HEAs containing L12 particles can be regarded as ceramic
particles-reinforced metal-matrix composites (MMCs) [43]. In discontinuous reinforced metal matrix
composites, when the size of the reinforcing phase is micron order and the volume fraction reaches
about 20%, the most balanced strength-ductility properties are expected to be exhibited. Similar
to metal-based composite alloys, the L12 particles in existing alloys are about 0.1–0.4 μm and the
volume fraction is 15.6–19.8%, which appears to be consistent with the model. In order to estimate the
elongation of HEAs accurately, a model based on MMCS phenomenologically is adopted [44]:

εc/εm = (1 − f )(1 + εcav)(1 − fcon), (6)

where εc represents the failure strain of the composites, εm represents the failure strain of the
unreinforced matrix, and f represents the volume fraction of particles. In the equation mentioned
above, εcav = f 4/3/s [44] is the contribution to the failure strain from the cavity formation, and s
represents the aspect ratio of the particles. The parameter fcon in Equation (6) represents the ratio of the
constrained to the matrix volume, and can be expressed as [44]:

fcon = 2s/
[
5
(

f−1 − 1
)]

. (7)

Combining Equations (6) and (7), it is readily obtained

εc/εm = (1 − f )

(
1 +

f 4/3

s

)(
1 − 2s

5( f−1 − 1)

)
= F. (8)

At present, εc can be plotted as a function of F, and the result is demonstrated in Figure 4d. It is
pointed out that there is a good linear relationship with the slope of the curve to be about 0.43. It can be
concluded from the Equation (8) that the slope is predicted to be the fracture strain of the unreinforced
alloy matrix, εm. Compared with the elongation value of homogenized alloy (~0.49), the value of 0.43 is
close to the experimental value. The main reason for the slight offset in Figure 4f is the inhomogeneous
distribution of L12 particles with non-random orientation. Nevertheless, it can be concluded from
Figure 5d that the tensile ductility in HEA is determined by the volume fraction and morphology of
L12 precipitates.

4. Conclusions

In this study, a systematic study of the aging behavior of the CoCrFeNiTi0.2 HEA is conducted. L12

particles are readily precipitated after annealing at 800 ◦C for a different time. The temporal exponents
for the average size and number density of precipitates are in reasonable accord with the predictions by
the PV model for particle coarsening in the current alloys. The ultimate tensile strength can be greatly
improved to ~1200 MPa, accompanied with a tensile elongation of ~20% after precipitation. Both grain
boundary and precipitates can contribute to strengthening. The tensile strength and tensile elongation
are well predicted, which is consistent with the experimental results. The present experiment provides
a theoretical reference for the strengthening of partially recrystallized single-phase HEAs in the future.
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Abstract: Compositionally complex alloys, or high entropy alloys, are good candidates for
applications at higher temperatures in gas turbines. After their introduction, the equiatomic
Al17Co17Cr17Cu17Fe17Ni17 (at.%) served as a starting material and a long optimization road finally
led to the recently optimized Al10Co25Cr8Fe15Ni36Ti6 (at.%) alloy, which shows promising mechanical
properties. Investigations of the as-cast state and after different heat treatments focus on the evolution
of the microstructure and provide an overview of some mechanical properties. The dendritic
solidification provides two phases in the dendritic cores and two different ones in the interdendritic
regions. Three of the four phases remain after heat treatments. Homogenization and subsequent
annealing produce a γ-γ’ based microstructure, similar to Ni-based superalloys. The γ phase is
Co-Cr-Fe rich and the γ’ phase is Al-Ni-Ti rich. The understanding of the mechanical behavior of
the investigated alloy is supported and enhanced by the study of the different phases and their
nanohardness measurements. The observations are compared with mechanical and microstructural
data from commercial Ni-based superalloys, Co-based alloys, and Co-Ni-based alloys at the desired
application temperature of ~800 ◦C.

Keywords: high entropy alloys; microstructure; transmission electron microscopy; compositionally
complex alloys

1. Introduction

High entropy alloys (single phase) and compositionally complex (more phases, based on the
high entropy effect) alloys have shown promising mechanical properties since the beginning of
their discovery. The current trend in the development of the new high entropy alloys (HEA)
or compositionally complex alloys (CCA) is focused on their use in industrial applications as a
replacement for Ni-based or Co-based alloys. The latter commonly find their applications in aircraft
turbines. However, there is a high demand for increasingly efficient materials, not only for aircraft
turbines, but also for the next generation of USC (ultra-supercritical) power plants. In this case, the
efficiency must be increased, which means that the materials need to withstand temperatures of up
to 750 ◦C [1]. Usually, Ni- and Co-based alloys are considered good candidates. In the temperature
window of 600–800 ◦C, the commercially used alloys are restricted to a small group, especially alloy
800, Inconel 706, and Inconel 617, which are used as turbine disks.
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In order to mirror the good performance of these alloys, several optimization steps have been
tested in high entropy alloys and compositionally complex alloys. To make a new alloy compete
with Co- and Ni-based superalloys, its tensile properties are of high importance, but unfortunately,
until now, there have only been a few works on the tensile properties of HEA and CCA [2]. For the
aforementioned application as turbine disks, thermomechanical strengthening mechanisms, such as
cold-rolling, which can show good results [3], are not applicable. This is also the case for several
potential strengthening phases, such as oxides [4] or carbides [5], which are usually obtained by
powder metallurgy. Both these phases and the non-equilibrium method have been excluded because
their performance in the present type of application is inferior to a coherent strengthening phase like γ’
in γ in a cast alloy that has been carefully homogenized, as has been shown in a recent review paper [6].
This is also the strengthening mechanism that is dominant in the Ni- and Co-based superalloys.

One aspect of particular importance is the amount of γ’ phase in the γ matrix [7]. It is responsible
for a high ultimate tensile strength. An increase of the γ’ volume fraction is therefore a most interesting
path for material optimization, not only in superalloys, but also in compositionally complex alloys.

In 2011, we started a methodical search for the improvement of the equiatomic
Al17Co17Cr17Cu17Fe17Ni17 compositionally complex alloy’s mechanical properties [8,9].
This equiatomic alloy displays at least five phases and is very brittle [8–11]. First ideas, like
the reduction of the amount of Cu [12–15], the increase of Al and Cr for better oxidation
properties [14,16], or the reduction of the number of phases [13,14], had to be omitted because the
associated mechanical properties did not meet the expectations. Especially the idea of a single phase,
which makes the concept of high entropy alloys unique [17], was disappointing because of the
material’s low strength [14,15].

A change of path then had to be made, and it was decided to promote the formation of
a coherent strengthening phase, i.e., the aformentioned γ-γ’ morphology. It could be obtained
in the Al8Co17Cr17Cu8Fe17Ni33 alloy, after the optimum heat treatment, but the γ’ precipitates
were very small (about 10 nm sized) and had a low volume fraction (about 20%); thus the
alloy was extremely weak [12,14,15]. The addition of small amounts of W, Mo, and Ti in the
Al8Co17Cr14Cu8Fe17Ni34.8Mo0.1Ti0.1W1 alloy allowed a slight increase in size of the γ’ precipitates
(up to 50 nm) at a lower volume fraction (about 7%), but it had a similar weakness [15]. The search
had to go on.

The systematic change in the composition of the alloy and the calculation of the equilibrium
diagrams using the Thermo-Calc software (Thermo-Calc Software AB, Solna, Sweden) [18] and the
TTNi7 database [19] finally led to the alloy Al10Co25Cr8Fe15Ni36Ti6, which has a wide temperature
range of existence of a γ-γ’ two phase region and a high proportion of the ordered γ’ phase.
The mechanical properties of this alloy are based on a stable microstructure in the temperature
range up to 800 ◦C, as reported recently [16]. Temperature tensile strength and elongation to
failure up to 800 ◦C [16] are even superior to those of Alloy 800 and Inconel 617 [20]. At this
temperature, Al10Co25Cr8Fe15Ni36Ti6 also has better mechanical properties than other high entropy
alloys and compositionally complex alloys like solid solution Co20Cr20Fe20Mn20Ni20 (~100 MPa, [21])
or equiatomic Al17Co17Cr17Cu17Fe17Ni17 (~180 MPa, [22]).

In order to further optimize the alloy, a wider knowledge of the microstructure and its correlation
with the mechanical properties is necessary. A major point is also the reproducibility of the tensile tests,
which can be explained by microstructural features. Therefore, this study focuses, on the one hand, on
the microstructural characterization of the as-cast and the heat treated Al10Co25Cr8Fe15Ni36Ti6 alloy,
as well as on the evolution of its phases, and on the other hand, on tensile results at room temperature
and at 800 ◦C, and the correlation between the two parts. A combination of complementary imaging
techniques at several scale levels has been employed for the characterization of the phases in the alloy
(optical microscopy, scanning electron microscopy (SEM), transmission electron microscopy (TEM)).
Tensile tests have been performed at room temperature and 800 ◦C to investigate the mechanical
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properties concerning strength and ductility. Nanohardness measurements of each phase have been
carried out to support the mechanical properties.

2. Materials and Methods

2.1. Alloy Preparation

The Al10Co25Cr8Fe15Ni36Ti6 compositionally complex alloy (CCA) was prepared from the
constituent elements of 99.99% purity. It was melted in a vacuum induction furnace and solidified
in a circular ceramic mould of a 140 mm length and a 10 mm diameter. Samples were solidified
directionally with a preferred [001] direction using the Bridgman method. Homogenization was
carried out at 1220 ◦C for 20 h with a subsequent cooling in the furnace. The homogenized samples
were aged at 900 ◦C or at 950 ◦C for different times, i.e., 5 and 50 h (900 ◦C) and 50, 100, 200, 500, and
100 h (950 ◦C), and then cooled down in the furnace to room temperature to prevent cracking at the
grain boundaries.

2.2. Microstructural Observations

Specimens for optical microscopy (OM), scanning electron microscopy (SEM), X-ray diffraction
(XRD), and nanohardness measurements were mechanically polished down in a final polishing step
with a 50 nm sized OP-U colloidal silica suspension. Specimens for SEM investigation were etched
with a solution of 3 g Mo-acid in 100 mL H2O, 100 mL HCl, and 100 mL HNO3.

SEM investigations were carried out in two SEMS: the first is a Zeiss Leo LEO Gemini 1530,
equipped with an EDS spectrometer (Noran System Six; Thermo Fisher Scientific Inc., Waltham, MA,
USA); and the second SEM is a Zeiss 1540EsB Cross Beam. All images were recorded at 5 keV and at
working distances between 7.5 and 8.7 mm.

XRD observations were carried out in a Bruker AXS (Bruker AXS GmbH, Karlsruhe, Germany),
D8 diffractometer, using Cu Kα radiation in the θ–2θ configuration.

Specimens for TEM were electropolished with a solution of 83% ethanol, 10% perchloric acid, and
7% glycerin at a temperature of −7 ◦C and a voltage of 30 V. A TEM Philips CM30 (ThermoFischer
Scientific, Waltham, MA, USA), operated at 300 kV and equipped with an energy-dispersive X-ray
spectroscopy (EDS) detector (EDAX), was used in this study. The beam size for EDS measurements
was 10 nm.

Phase volume fractions and precipitate sizes were determined in 2D using the training and
classification of the Weka segmentation method [23] in the open source software Fiji [24] based on
ImageJ [25,26]. In some cases, these measurements were accompanied by thresholds set on EDS
mappings or OM, SEM, and TEM images taken along the [100] zone axis of the γ’-γ’ morphology
were used for the most varied view on particles and the reduction of systematic errors. An average of
1000 particles per state have been analyzed, except for the as-cast and the homogenized state, where
the Weka method could not be applied due to the small size. An average of 100 particles have been
observed here.

2.3. Mechanical Tests

Vickers microhardness measurements were carried out using a Polyvar met (Reichert-Jung/Leica
Microsystems, Wetzlar, Germany) microscope and a MHT-10 (Anton Paar, Graz, Austria)
microhardness tester under a load of ~0.5 N for 15 s. The average microhardness value was calculated
from the minimum ten indentations. Nanohardness measurements were performed in a picodentor
HM500 (Helmut Fischer GmbH, Sindelfingen, Germany) under a load of 25 mN for 20 s.

Flat specimens for tensile tests were manufactured by electrical discharge machining (EDM) and
the recast layer was removed by fine grinding. The square cross section of the samples was 1 × 1.9 mm2

and the gauge length was 8 mm. The samples were attached form-closed to ceramic Al2O3-clampings.
For tests at elevated temperatures, a radiant heated, fire-proof furnace was used and the tensile tests
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were performed with a deformation rate of 0.01 mm/s. The strain data was recorded optically by a
high-resolution camera and the force for deformation by a load cell. About four stress-strain value
couples were logged in one second. Young’s modulus was determined from the stress-strain curves by
determining the slope of the elastic region.

3. Results and Discussion

3.1. Morphological Evolution

In a previous study [20], it has been found that the as-cast alloy solidifies dendritically, as is the
case for most high entropy and compositionally complex alloys. After homogenization at 1220 ◦C for
20 h, the alloy does not show any dendritic structure.

In the same study, it has also been found that there are two main morphological features in the
microstructure of the different states, i.e., coarse Al-Ni rich needles (in the annealed states) and a
fine γ’ morphology (in all states). An overview of these three phases in the four states described
in [20] (as-cast, homogenized, annealed 900 ◦C 5 h and annealed 900 ◦C 50 h) is given in Figure 1.
The directional solidification in the [100] direction of the samples implies that the XRD spectrum
records only the (100) type planes of the γ and γ’ phase and the (220) type planes of the Al-Ni rich
needles, oriented 45◦ towards the matrix. The latter show the strongest peak in the as-cast state,
because of their high volume fraction of 10 ± 3%. The Al-Ni rich phase is absent in the homogenized
state (1220 ◦C 20 h), and in the annealed states, its peak is visible again.

Figure 1. Comparison of the XRD spectra of four states of the Al10Co25Cr8Fe15Ni36Ti6 alloy.

In the following, the three phases will be presented separately.

3.1.1. Al-Ni Rich Needles

Figure 2 shows the optical micrographs (a,b) and SEM images (c,d) of four exemplary annealed
states of the Al10Co25Cr8Fe15Ni36Ti6 alloy. The annealing treatments at 900 ◦C or 950 ◦C lead to the
formation of Al-Ni rich needle-like precipitates, displayed in bright grey in OM and dark grey in the
SEM. These can reach up to 15 μm in length after 900 ◦C 5 h annealing (Figure 2a), and up to 40 μm
after 900 ◦C 50 h (Figure 2b), 950 ◦C 100 h (Figure 2c), and 950 ◦C 1000 h (Figure 2d). The needles can
grow into plates after the heat treatments at 950 ◦C, especially at the grain boundaries (Figure 2d,e).
In all states of the investigated alloy, some unwanted pores and Ti-nitrides can be identified.

These needles were not predicted by the calculation of the phase diagram in Reference [20].
They are non-existent in the homogenized state of the alloy, i.e., at 1220 ◦C (see [20]). They form at the
lower temperatures of 900 and 950 ◦C.
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Figure 2. (a,b) Optical micrographs of the microstructure of the Al10Co25Cr8Fe15Ni36Ti6 alloy after
annealing at (a) 900 ◦C 5 h and (b) 900 ◦C 50 h; (c,d) SEM images after annealing at (c) 950 ◦C 100 h
and (d) 950 ◦C 1000 h.

The needles are oriented perpendicularly to each other. They are scarce (about 1–3 vol.%) in the
900 ◦C 5 h annealed alloy, but their volume fraction increases after the longer heat treatments and
at a higher temperature. A comparison of the different volume fractions is shown in Figure 3. It is
interesting to note that the annealing treatments at 950 ◦C increase the volume fraction to about 9
(100 h) or even 13% (200–1000 h). The volume fractions of needles in all states are shown in Figure 3.
It can be assumed that an equilibrium is reached after 200 h at 950 ◦C because the volume fraction does
not change after this time.

The needles’ lengths remain about the same, even after the longer heat treatments at higher
temperatures of 950 ◦C 100 h and 950 ◦C 1000 h, but in some cases, the needles become plate-like,
especially at the grain boundaries (see Figure 2c,d).

Figure 3. Volume fractions of the γ’ and the needle phase in the different annealing states of the
Al10Co25Cr8Fe15Ni36Ti6 alloy.
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3.1.2. The γ-γ’ Morphology in Detail

Higher resolution observations show the second most important morphological feature in the
Al10Co25Cr8Fe15Ni36Ti6 alloy, i.e., the already mentioned γ-γ’ morphology. As has been stated before,
the microstructure of the samples aged at 900 ◦C and at 950 ◦C demonstrates that the two-phase
microstructure (consisting of the γ and γ’ phases) obtained in the homogenized alloy and predicted by
Thermo-Calc is unstable and decomposes to form the already described additional needle-like phase.

Figure 4a–d shows dark field (DF) TEM micrographs of four states of the Al10Co25Cr8Fe15Ni36Ti6
alloy, imaged using the (110) superlattice reflection. The two-phase microstructure with a γ-γ’
morphology is known from Ni-based superalloys. The brightly displayed particles are γ’ precipitates
of an L12 structure embedded in a darkly displayed γ matrix of a disordered A1 structure.
The corresponding diffraction pattern of the [001] zone axis is shown in the inset of every micrograph.
Figure 4e,f shows two SEM micrographs of the γ-γ’ morphology in the etched specimens annealed at
950 ◦C. These show an additional feature, i.e., small secondary γ’ particles inside the γ matrix, made
visible by the etching process. They will be treated in detail in a subsequent article and will not be
mentioned here again.

 

Figure 4. Evolution of the γ-γ’ morphology in six states of the Al10Co25Cr8Fe15Ni36Ti6 alloy: (a–d) DF
TEM in (a) the as-cast; (b) homogenized at 1220 ◦C 20 h; subsequent annealing (c) at 900 ◦C 5 h and
(d) at 900 ◦C 50 h. The upper right corner shows the corresponding SAED taken along the [001] zone
axis. The DF images have been recorded with the (110) reflex; (e,f) SEM micrographs of the alloy after
annealing at (e) 950 ◦C 200 h and (f) 950 ◦C 1000 h. Note the different scale bar in (b).
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The primary γ’ particles have different shapes and sizes in the different states. They are rather
round and 40–90 nm in diameter in the as-cast state (Figure 4a). They have undefined shapes with
diameters of 6–24 nm after homogenization at 1220 ◦C 20 h (Figure 4b). They grow intensely after
the subsequent annealing and start to adopt a cubic shape with diameters of about 200–550 nm after
900 ◦C 5 h (Figure 4c). They display a clear cubic shape and a diameter of 200–550 nm after 50 h
annealing (Figure 4d). The heat treatments at higher temperatures and conducted for longer times
further increase the particles’ sizes from 400–700 nm in the 950 ◦C 100 h to 400–800 nm in the 950 ◦C
1000 h annealed alloy.

The volume fractions of the γ’ particles in all states have been summarized in Table 1 and displayed
in Figure 3. They are between 30 and 55 vol.% at all states and no tendency can be determined.

Table 1. Concentration of the different phases in at.% in four states of the Al10Co25Cr8Fe15Ni36Ti6
alloy, as taken with TEM/EDS. The error bar is given by the standard deviation 2σ. (De: dendrite, ID:
interdendritic region). The composition of the primary γ’ precipitates in the homogenized alloy cannot
be measured because of their small sizes.

Phase Composition (at.%)

Al Co Cr Fe Ni Ti

Nominal 10 25 8 15 36 6

As-cast

De -γ matrix 8.8 ± 2.2 29.5 ± 1.8 7.7 ± 1.2 20.0 ± 4.2 30.7 ± 4.3 3.2 ± 1.7
De -γ’

precipitate 12.1 ± 1.4 22.3 ± 1.9 3.1 ± 1.1 7.7 ± 1.7 45.5 ± 2.9 9.3 ± 1.2

ID core 20.6 ± 2.5 23.3 ± 1.4 3.6 ± 0.9 9.1 ± 1.2 34.3 ± 2.2 9.1 ± 0.5

Homogenized 1220 ◦C 20 h

γ Matrix
9.3 ± 1.6 26.1 ± 0.8 7.2 ± 0.5 14.8 ± 1.0 37.1 ± 0.8 5.5 ± 0.5

γ’
precipitate

Annealed 1220 ◦C 20 h—900 ◦C 5 h

γ matrix 8.9 ± 1.7 28.1 ± 1.2 9.4 ± 0.7 18.8 ± 0.9 31.1 ± 1.1 3.6 ± 0.4
Primary γ’
precipitate 14.0 ± 1.0 21.4 ± 0.8 3.6 ± 0.4 8.2 ± 0.6 44.4 ± 1.1 8.3 ± 0.8

Al-Ni needle 24.7 ± 1.9 20.8 ± 0.7 2.9 ± 0.2 9.4 ± 0.1 36.2 ± 1.1 6.0 ± 0.2

Annealed 1220 ◦C 20 h—900 ◦C 50 h

γ matrix 6.9 ± 0.6 29.5 ± 0.5 9.3 ± 0.4 20.4 ± 0.6 30.4 ± 1.0 3.5 ± 0.4
Primary γ’
precipitate 11.4 ± 0.6 22.5 ± 0.6 3.5 ± 0.4 8.8 ± 0.7 45.0± 1.5 8.7 ± 0.5

Al-Ni needle 24.4 ± 1.3 21.9 ± 1.7 3.6 ± 0.2 10.7 ± 0.4 33.9 ± 0.6 5.6 ± 0.2

In superalloys, the size and morphology of the γ’ precipitates determine the mechanical properties.
It is supposed that the same correlation can be observed in the Al10Co25Cr8Fe15Ni36Ti6 alloy.

In order to find out the growth mechanism of the γ’ precipitates, especially after ageing, we
compare the two-dimensional γ’ particle size distribution for all states. The quantification of the
particle size distribution (PSD) was made by characterizing about 100 (in the as-cast and homogenized
states) or 1000 (in the annealed states) primary γ’ precipitates using the following method: the area
was enclosed using the Weka segmentation method and, in rare cases, additionally by hand, and
the area equivalent diameter r =

√
(area drawn) was obtained. The obtained values for r were then

grouped into classes of 5 (as-cast), 2 (homogenized), or 50 nm (annealed). Their relative distribution in
six selected states is shown in detail in Figure 5. The Gauss normal distribution (GND) is shown by a
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dotted line. Additionally, the PSD was calculated according to the LSW (Lifshitz-Slyozov-Wagner)
theory of Ostwald ripening [27–29], following the equation [27]:

f (u) =
4u2

9

(
3

3 + u

) 7
3
( −1.5

u − 1.5

) 11
3

exp
(

u
u − 1.5

)
(1)

where u = r/ravg, r is the diameter of the analyzed precipitate, and ravg is the average diameter of
all precipitates. The LSW distribution is shown in a red continuous line, even for the as-cast and the
homogenized sample, where no ripening is expected.

The PSD in the as-cast sample (Figure 5a) spreads from about 35 to about 90 nm in diameter.
After homogenization, the distribution is much narrower, i.e., from about 6 to about 24 nm in diameter
(Figure 4b). For the annealed states (Figure 5c–f), the PSD is widely spread and can range from 50 to
800 nm diameter.

Figure 5. Relative γ’ particle size distribution of the Al10Co25Cr8Fe15Ni36Ti6 alloy in (a) the as-cast
state; (b) homogenized state at 1220 ◦C 20 h; and subsequent annealing (c) at 900 ◦C 5 h, (d) at 900 ◦C
50 h, (e) at 950 ◦C 100 h, and (f) at 950 ◦C 1000 h. The dashed line corresponds to the Gauss normal
distribution (GND) and the continuous line to the LSW distribution for every case. Note the different
class sizes and class size distributions in the as-cast and the homogenized states. Volume fraction shave
been added in the graphs for comparison.
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For all samples, the PSD fits better with the GND than with the LSW prediction. This is in
accordance with research on Ostwald ripening in Ni-based alloys [30], which shows a PSD for several
alloys that is broader than the one predicted by the LSW theory. A disagreement with the LSW
theory has also been observed in a model Ni-14.2 Cr-5.2 Al (at.%) superalloy [31]. According to the
investigations in the study from Ref. [31], the disagreement with the LSW theory can be caused by
various reasons, two of which are the most plausible: (i) a transient coarsening, and (ii) the possible
non-constant composition of the γ’ precipitates as a function of ageing time until it reached the
equilibrium values. The last argument is in agreement with the results in the present work, where
the solute concentration of Al in the γ’ precipitates of the annealed samples decreases with time from
14.0 at.% (after 900 ◦C 5 h ageing) to 11.4 at.% (after 900 ◦C 50 h), as determined by TEM-EDS, and
shown in Table 1.

A comparison of the GND of the γ’ sizes of all ten investigated states is shown in Figure 6. As has
been shown in Figure 4a,b, the as-cast (purple) and the homogenized (pink) states stand out due to
their small γ’ sizes.

The three states after annealing at 900 ◦C show the most peculiar behavior. The treatment of 5 h
annealing (orange dotted line) produces the largest γ’ particles, but also the most wide spread of sizes.
The treatment of 50 h annealing (red dotted line) shows the smallest annealing γ’ precipitates, and the
narrowest distribution. This is contradictory to the LSW theory, which predicts the growing of the
precipitates’ average radius with t1/3. As this result is quite unexpected, several counting methods and
many micrographs have been compared to a total number of over 6000 particles of these three states
and the result has been confirmed by all methods. It can be concluded that the 900 ◦C 50 h annealing
produces a unique behavior in this Al10Co25Cr8Fe15Ni36Ti6 alloy.

Figure 6. The Gauss Normal Distributions of the relative γ’ particle size distribution of the
Al10Co25Cr8Fe15Ni36Ti6 alloy in all investigated states. The 900 ◦C annealed states are shown in
dashed lines for an easier comparison.

Unlike the annealing at 900 ◦C, the annealing at 950 ◦C produces a γ’ particle growth that is in
accordance with the LSW theory of particle growth (Equation (2)):

R3 = R0
3 + Kt (2)
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where R is the average particle radius after time t, R0 is the initial particle radius, 3 is the exponent for
diffusion-controlled growth, and K is the rate constant [32]. In our case, R0 corresponds to the average
particle radius after homogenization, which is around 4 nm. It can be neglected compared to the radii
of the particles after annealing, and thus the equation can be simplified to Equation (3):

R ∝ t1/3 (3)

This relationship of the average γ’ particles radii versus t1/3 and the corresponding error bars are
displayed in Figure 7. It shows the linear growth of the average particle radius with the cubic root of
time, with a constant of about K = 1.9.

 

Figure 7. Growth of the γ’ particles in the states annealed at 950 ◦C, according to the LSW theory.
The error bars are given by the standard deviation 2σ.

3.2. Mechanical Observations

The microstructure of the samples were correlated to tensile tests at room temperature and at
800 ◦C, in addition to Vickers micro- and nanohardness measurements.

3.2.1. Tensile Tests

The as-cast and the homogenized state have not been submitted to tensile tests. The tensile data
from the 900 ◦C 5 h and the 900 ◦C 50 h annealed states was taken from [20]. They are shown in
Table 2, together with the new tensile data of the 900 ◦C 50 h and the 950 ◦C 100 h annealed states.
The engineering tensile curves of the latter two are shown in Figure 8, both at room temperature and
at 800 ◦C.

From [20], it is known that a higher RT ultimate tensile strength σTS can be observed for the 900 ◦C
50 h state (1039 MPa) than for the 900 ◦C 5 h state (786 MPa). At a 800 ◦C testing temperature, their
tensile strengths are almost identical (~650 MPa).

The new experiments of the 900 ◦C 50 h state show slightly higher RT σTS values (~1200 MPa)
and lower 800 ◦C σTS values (~580 MPa).

The most interesting to note in Figure 8 is the reproducibility of the tensile stress-strain curves.
It is very high in the 900 ◦C 50 h state, but the results for the investigated 950 ◦C 100 h specimens
are widely spread. It is almost impossible to determine an average σTS value for the investigated
specimens of the 950 ◦C 100 h alloy. This is even worse at RT than at 800 ◦C.
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Figure 8. Engineering stress-strain curves of (a) the 900 ◦C 5 h (from [20]); (b) the 900 ◦C 50 h (from [20]);
(c) the 900 ◦C 50 h; and (d) the 950 ◦C 100 h annealed states at room temperature and at 800 ◦C.

A reason for this difference in fracture behavior of the 900 ◦C and the 950 ◦C annealed states can
be found in the microstructure of the deformed states (see Figure 9).

 

Figure 9. SEM images of fractures of the states (a–d) 900 ◦C 50 h tested at (a,b) RT and (c,d) 800 ◦C and
(e–h) 950 ◦C 100 h tested at (e,f) RT and (g,h) at 800 ◦C. The colored boxes show the zoom to reveal
the microstructure.

There are three main factors that play a role in the difference in fracture behavior:

1. The deformation temperature and the implied softening of the material
2. The abundance of the Al-Ni rich needles
3. The state of the γ’ precipitates
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They will be compared in detail in the following, by their order of magnitude.

1. The deformation temperature is the most important factor. The heating from RT to 800 ◦C
implies a softening of the material and allows for a more ductile tensile behavior. The fracture
micrographs of the samples deformed at RT, shown in Figure 9a,e, show little (900 ◦C 50 h
state, Figure 9a) or no (950 ◦C 100 h state, Figure 9e) necking behavior and thus a quite brittle
fracture. The samples deformed at 800 ◦C (Figure 9c,g) display an important necking and thus a
ductile fracture.

This factor is no surprise and the investigated CCA behaves like many other alloys.

2. The amount of needles is lowest in the 900 ◦C 5 h annealed alloy (about 1%) and highest in
the 950 ◦C 100 h annealed alloy (about 13%). Both the longer annealing times and the higher
annealing temperature increase the amount of needles, but the temperature has the stronger
influence. In all five states annealed at 950 ◦C, the volume fraction of needles is up to ten times
higher than in the 900 ◦C annealed states.

When observing the fracture micrographs, it was hardly possible to find any needle in the 900 ◦C
5 h state, and none at the fracture line (see Figure 9d). The 900 ◦C 50 h specimen in Figure 9b does
show some needles, but the fracture seems to be uninfluenced by them because the fracture line
mainly passes through the γ-γ’ region. The 950 ◦C states in Figure 9f,h, however, show a clear fracture
preference along the needles all over the specimen.

Note that the aforementioned secondary γ’ particles have a preference for the regions around the
needles. This is not the case in the 900 ◦C annealed states. This observation is helpful for determining
the broken needles at the fracture line—the secondary γ’ ribbons are always visible, even if the needle
has quarried out.

These observations lead to the conclusion that the amount of needles is a major factor in the
fracture behavior of the Al10Co25Cr8Fe15Ni36Ti6 alloy, both concerning the earlier fracture and the
reproducibility of the results. Thus, in the following, the higher temperature heat treatment at 950 ◦C
will be omitted and the next observations will be focused on the specimens annealed at the more
promising heat treatments at 900 ◦C.

It is interesting to note that the γ’ particles in the 900 ◦C annealed alloys (Figure 9b,d) show a
heavy deformation from their original cuboid shape. They are heavily elongated in the 900 ◦C 50 h
annealed state after deformation at RT (Figure 9b) and they adopted a starry shape in the 900 ◦C 5 h
annealed state after deformation at 800 ◦C. There is hardly any deformation of the γ’ particles visible
in the 950 ◦C annealed states (Figure 9f,g). It can thus be concluded that the γ’ particles absorbed the
plastic deformation in the 900 ◦C annealed alloys, while in the 950 ◦C annealed alloys, the important
part of the deformation energy concentrated in the interface needle-matrix.

3. The γ-γ’ morphology at room temperature has been analyzed in detail (see Section 3.1.2) and
is responsible for the difference in behavior between the 900 ◦C 5 h and the 900 ◦C 50 h state.
As stated above, after 900 ◦C 5 h annealing, the γ’ precipitates have not yet established their
optimum cuboidal shape. After 900 ◦C 50 h annealing, however, with the cuboids sides parallel
to the tensile load direction and thus a higher geometrical ordering, the dislocation movement is
more difficult. This effect is in accordance with the order hardening mechanism, which is often
observed in Ni-based alloys [33,34].

To understand the morphological evolution of the γ’ precipitates between 900 ◦C 5 h and 50 h
ageing, the aspect ratios of the γ’ precipitates were determined by using the precipitates’ diameters
r measured in the [100] and the [010] directions. The distribution of these aspect ratios is shown in
Figure 10.

In the 900 ◦C 5 h annealed alloy, there is a widespread, bimodal distribution of the aspect ratios
(see Figure 5c). About 37% of the analyzed precipitates have an aspect ratio below 0.75. At the same
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time, about 39% of them have an aspect ratio >0.9 (see Figure 10a). This result indicates that the
precipitates still have no clearly defined cubic shape, as can also be seen in Figure 4c. The secondary
precipitates have not been taken into account in the distribution of Figure 5c.

The 50 h annealed alloy has a narrower distribution of aspect ratios. The maximum of the
distribution shown in Figure 10b is located at about 0.85–0.9. In this case, the precipitates are close
to cubic.

The longer heat treatment allows the primary γ’ precipitates to approach their energetically most
favorable shape, i.e., cuboids, which are a compromise between the lowest surface-to-volume ratio
(spheres) and the lowest elastic energy (perfect cubes).

 

Figure 10. Distribution of the ratios of the γ’ precipitate lengths in the Al10Co25Cr8Fe15Ni36Ti6 alloy
along the [100] and [010] directions: (a) after 900 ◦C 5 h and (b) after 900 ◦C 50 h.

3.2.2. Micro- and Nanohardness

The microhardness measurements were performed in the as-cast alloy in the dendritic region and
in the annealed specimens randomly, including the Al-Ni rich needles. No microhardness change
can be observed through the states as-cast homogenized and annealed at 900 ◦C. It remains 341–345
HV50/20 independently of the heat treatment. The microhardness is thus not much influenced by the
presence of the Al-Ni rich needles nor by the average size of the γ’ precipitates, which varies from
~14 nm (homogenized) to 312 ± 55 nm (annealed at 900 ◦C 5 h). The volume fraction of γ’ does not
contribute to the microhardness, either. The reason for the similar value of the microhardness of the
samples with different states is most probably the size of the indents, which is usually about 20 μm.
Thus, the measured microhardness is an average over all phases in the alloy.

The microhardness in the state annealed at 950 ◦C is slightly higher (about 370 compared to about
345 HV50/20 in the other states). This can probably be linked to the significantly higher amount of
Al-Ni rich needles (13 vol.% compared to 1–3 vol.%).

A nanoindentation hardness map confirms that there are differences in hardness between the
phases. Figure 11 shows a set of 100 nanoindents on the surface of two exemplary states, i.e., as-cast
and annealed at 900 ◦C 50 h. The small load of 25 mN has been chosen in order to make sure that the
influence of the small needles has the highest impact in the indent. Note that another set with a load of
100 mN shows less difference between the needles and the γ-γ’ region and is therefore not shown here.

The as-cast alloy (Figure 11a) shows the most important local hardness changes, due to the
dendritic morphology. The interdendritic regions are much harder (>700 HV0.025/20, shown in
red) than the dendritic regions (~430 HV0.025/20). In the 900 ◦C 50 h specimen (Figure 11b), it was
possible to place the indents on some Al-Ni rich needle phases (shown in red). These are harder
(>500 HV0.025/20) than the γ-γ’ region (~450 HV0.025/20) around them. In order to obtain better
statistics, several hardness indents were placed on various Al-Ni needles (images not shown here).
The 1220 ◦C 20 h homogenized sample (not shown here) has a very homogeneous nanohardness of
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457 ± 5 HV0.025/20. The nanohardness values of the samples aged at 900 ◦C 5 h and 950 ◦C 100 h are
comparable to that of the sample aged at 900 ◦C 50 h. All hardness values are summarized in Table 2.

Figure 11. Picodentor hardness maps of two investigated states of the Al10Co25Cr8Fe15Ni36Ti6 alloy.
Left column: the position of the nanoindentations; right column: the corresponding color-coded
HV0.0025/20 Vickers hardness values (red = highest values). (a) The as-cast sample; (b) the sample
aged at 900 ◦C 50 h.

Unlike in the tensile tests, the preferred cuboidal shape of γ’ in the 900 ◦C 50 h annealed alloy
does not have any effect. However, the dislocation movement created by an indentation is much more
arbitrary than in a directional tensile test. The orientation of the dislocation lines could thus play a role
in the alloy’s mechanical properties, emphasizing its anisotropic behavior.

Table 2 summarizes the γ’ precipitates’ size and the γ’ precipitates’ volume fraction, the micro-
and nanohardness, the ultimate tensile strength σTS at room temperature, and the ultimate tensile
strength at 800 ◦C for the five mechanically investigated states.

3.3. Comparison with Other Alloys

The microscopic data obtained in this work allows an overview of different properties for the
following alloys:

- High entropy alloys Al10Co25Cr8Fe15Ni36Ti6, Co20Cr20Fe20Mn20Ni20, Al8Cr17Co17Cu8Fe17Ni33

- Ni-based Alloy 800H and Inconel 617, Alloy 800, and Inconel 706 single crystal Ni-based CMSX-4
- Co-based Co-9Al-9W-2Ta-0.02B
- Co-Ni based Co-30Ni-10Al-5Mo-2Ta and TMW-4M3-1.

γ’ sizes and volume fractions are compared with the ultimate tensile strength at 800 ◦C and are
summarized in Table 3, along with additional phases.
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In the category “Size of γ’ precipitates”, the Al10Co25Cr8Fe15Ni36Ti6 alloy is comparable to
Co-based Co-9Al-9W-2Ta-0.02B.

The volume fraction of the γ’ precipitates of the compared alloys can be classified into three
groups: the highest volume fractions of about 70% are obtained in the single crystal CMSX-4, Co-based
Co-9Al-9W-2Ta-0.02B and Co-Ni based Co-30Ni-10Al-5Mo-2Ta. An average volume fraction of 25–40%
is obtained in the Al10Co25Cr8Fe15Ni36Ti6 alloy and Inconel 706. All other compared alloys have very
low γ’ volume fractions, of 5% or below.

Alloys with many additional phases, like the equiatomic Al17Co17Cr17Cu17Fe17Ni17, Inconel 706,
Alloy 800, and Alloy 800H, usually have a rather low ultimate tensile strength at 800 ◦C. The exceptions
are Inconel 617 and TMW-4M3-1. Generally speaking, a high number of phases does not seem to be
advisable for an ultimate tensile strength at 800 ◦C.

The ultimate tensile strength at 800 ◦C is highest in the single Crystal CMSX-4 and in Co-Ni-based
TMW-4M3-1. The Al10Co25Cr8Fe15Ni36Ti6 alloy’s ultimate tensile strength is slightly higher, but most
similar to the Co-30Ni-10Al-5Mo-2Ta, Co-9Al-9W-2Ta-0.02B, and Inconel 617.

There seems to be a correlation between the γ’ volume fraction and the ultimate tensile strength
at 800 ◦C. The latter would probably benefit from an increase of the γ’ volume fraction in the
Al10Co25Cr8Fe15Ni36Ti6 alloy.

Of all the eleven compared alloys, the Al10Co25Cr8Fe15Ni36Ti6 alloy shows the most similarities
to the single crystal CMSX-4 alloy and the Co-9Al-9W-2Ta-0.02B alloy. The size of the γ’ precipitates,
the volume fraction, and the ultimate tensile strength at 800 ◦C lie between those of CMSX-4 and Inconel
617. Further optimization will probably continue the improvement of the Al10Co25Cr8Fe15Ni36Ti6
alloy’s properties. We particularly expect in the future to improve the ultimate tensile strength at
800 ◦C by increasing the volume fraction of γ’ precipitates by an adequate heat treatment or through
the addition of traces of γ’ builders.

4. Summary

The Al10Co25Cr8Fe15Ni36Ti6 alloy solidifies dendritically and the dendrite cores are characterized
by a two-fold morphology consisting of γ’ precipitates inside a disordered fcc matrix. The dendritic
structure is not present after the homogenization at 1220 ◦C/20 h. However, the formation of γ’
precipitates could not be prevented in the homogenized sample.

After ageing at 900 ◦C or 950 ◦C, a third phase joins the γ-γ’ morphology, i.e., the Al-Ni rich
needles. The longer annealing times and higher annealing temperatures increase the volume fraction
of the needles, from ~1% after 900 ◦C 5 h to ~13% after 950 ◦C 200 h. It stabilizes after 200 h at 950 ◦C.

The γ-γ’ morphology can be observed in all states from the as-cast to the 1220 ◦C 20 h
homogenized state and the subsequently annealed states at 900 ◦C and 950 ◦C. The size of the γ’
particles is smallest after homogenization and increases drastically to over 800 nm in average diameter
after the longest and hottest annealing at 950 ◦C 1000 h. After annealing at 950 ◦C, the γ’ precipitates
grow according to the LSW theory of Ostwald ripening. This is not the case after annealing at 900 ◦C.
The softest annealing at 900 ◦C 5 h produces larger average precipitates than the annealing at 900 ◦C
50 h.

Tensile tests of the chosen states 900 ◦C 5 h, 900 ◦C 50 h, and 950 ◦C 100 h reveal that the amount
of Al-Ni rich needles is the main factor responsible for an early and unpredictable fracture. The high
amount in the 950 ◦C treated states is thus unwanted and this annealing temperature can be excluded
in the future. In the 900 ◦C annealed samples, the longer annealing time of 50 h intensifies the cuboidal
shape of the γ’ precipitates, which implies better tensile results both at RT and at 800 ◦C. The small
amount of needles does not seem to disturb the deformation mechanism.

Microhardness values are practically identical in all investigated states. At this scale, neither the
γ-γ’ morphology nor the Al-Ni rich needles influence the hardness. However, nanohardness maps
show a difference in hardness between the softer γ-γ’ region and the harder Al-Ni rich needles in the
annealed alloys.
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When comparing the Al10Co25Cr8Fe15Ni36Ti6 alloy to ten other alloys, i.e., Ni-based, Co-based,
Co-Ni-based, and other high entropy alloys, it could be concluded that the data from the
Al10Co25Cr8Fe15Ni36Ti6 alloy is amongst the best in the categories γ’ particle size, γ’ volume fraction,
and ultimate tensile strength at the desired 800 ◦C. The properties are approaching those of single
crystal CMSX-4 and Co-based Co-9Al-9W-2Ta-0.02B at much lower costs.
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Abstract: High entropy or compositionally complex alloys provide opportunities for
optimization towards new high-temperature materials. Improvements in the equiatomic alloy
Al17Co17Cr17Cu17Fe17Ni17 (at.%) led to the base alloy for this work with the chemical composition
Al10Co25Cr8Fe15Ni36Ti6 (at.%). Characterization of the beneficial particle-strengthened microstructure
by scanning electron microscopy (SEM) and observation of good mechanical properties at elevated
temperatures arose the need of accomplishing further optimization steps. For this purpose, the
refractory metals hafnium and molybdenum were added in small amounts (0.5 and 1.0 at.%
respectively) because of their well-known positive effects on mechanical properties of Ni-based
superalloys. By correlation of microstructural examinations using SEM with tensile tests in the
temperature range of room temperature up to 900 ◦C, conclusions could be drawn for further
optimization steps.

Keywords: HEA; high entropy alloys; compositionally complex alloys; mechanical characterization

1. Introduction

For centuries, constructions with high mechanical requirements have been built using steel or
iron-based alloys, while titanium or aluminum have been used for light-weight constructions. In gas
turbines nickel- or cobalt-based superalloys are used because of their extremely good mechanical
properties and oxidation resistance over long periods of time at high temperatures. The main properties
of these alloys are given by their base element, while the addition of other elements in small amounts
leads to fine adjustments of a specific behavior [1].

An unconventional approach of alloy design is based not on a main element, but on a chemical
composition that exhibits a large number of elements with none of them dominating. In this group
one differentiates between single-phase high entropy alloys (HEA) [2] and multiphase compositionally
complex alloys (CCA). Multicomponent alloys were examined first by Yeh [2] and Cantor [3].
Investigating the microstructure of alloys with different numbers of elements in equiatomic mixtures,
Cantor found the five-component, equiatomic alloy Co20Cr20Fe20Mn20Ni20 to form a single-phase
solid-solution. High configurational entropy, due to the large number of elements and similar
concentrations, leads to a decrease in the Gibbs free energy and thus a stabilization of one solid-solution
phase if no intermetallic phase with low enthalpy of formation exists [2]. Such a single-phase material
was claimed to have outstanding properties, e.g., a good strength-ductility behavior over a wide
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temperature range, thermal stability, wear resistance and high resistance against oxidation of the
material [4].

Most alloys containing at least five elements in near equiatomic composition, however, do not
crystallize as a single-phase solid-solution, but rather form intermetallic compounds as secondary
phases with even lower Gibbs free energy. This leads to the formation of compositionally complex
alloys (CCA). They cover a wide range of chemical compositions, with a high number of occurring
phases and therefore a wide perspective in terms of applications. We restricted ourselves to have at least
five elements and no element should dominate the composition. In the domain of high-temperature
materials a gap between steels (<650 ◦C) and nickel-based superalloys (>850 ◦C) might be filled by less
cost-intensive compositionally complex alloys. The focus should be on mechanical strength, oxidation
resistance, processability and, last but not least, the cost factor. We therefore compared our alloy with
commercially available alloys. The Ni-Co-Cr-Mo alloy IN 617 shows high-temperature strength and
oxidation resistance, while Alloy 800 H has good creep properties and a quite ductile behavior at
temperatures below 600 ◦C. The base alloy of our work shows a similar melting range and is optimized
with respect to the features mentioned above. Possible industrial applications could be: Chemical
industry appliances and especially land-based steam turbines as well as parts for gas turbines in
sections with lower temperatures (700–800 ◦C).

The development of CCA for mechanical applications at both room and higher temperature is
based on different microstructural approaches (see the review article by Manzoni [5]): Interpenetrating
phases lead to a high resistance of the material, and additionally interesting electrical or magnetic
properties may appear [6]. One example to strengthen the equiatomic high entropy alloy CoCrFeMnNi
is the addition of 2 at.% carbon. This leads to a fcc-microstructure with embedded Cr23C6 particles
and higher strength than for the CoCrFeMnNi alloy. The best strength-ductility relation of this
carbide-strengthened alloy can be reached by applying the correct thermomechanical treatment [7].
Another example of particle strengthened CCA is the alloy Al12.35Co17.5Cr17.5Fe35.15Ni17.5 (in at.%).
This microstructure exhibits a bcc-matrix with coherently embedded particles of B2 structure. The
cuboidal nanoscale particles lead to high strength at room and high temperatures [8].

These three mentioned approaches show the diversity in designing CCA for mechanical
applications, using strengthening mechanisms based on very different microscopic features.
Singh et al. [9] examined the six-component, equiatomic alloy AlCoCrCuFeNi, with a focus on
solidification behavior, using different techniques to analyze the microstructure. Even a high cooling
rate by splat-quenching leads to a phase decomposition and the cast alloy shows a microstructure with
several phases of different crystal structures, unlike expected solid-solution stabilization due to a high
configurational entropy. Recognizing the difficulties of avoiding phase separation, a transition was
made from developing a HEA to optimizing a CCA.

Much effort was put into optimizing alloys with near equiatomic composition of AlCoCrCuFeNi,
investigating changes in composition and finding correct heat treatment parameters [10], resulting in
the chemical composition Al10Co25Cr8Fe15Ni36Ti6 (in at.%). This alloy composition is the base alloy
for this work, exhibiting L12-ordered, coherently embedded precipitates in a fcc-matrix, comparable
to nickel-based superalloys. Additionally the base alloy shows another third phase, appearing in a
needle-like shape up to a length of 50 μm. These needles are very rich in aluminum (28 at.%), with a
reduction of all other elements, especially Fe, Co and Cr. TEM investigations identified this phase to
have a Heusler type structure.

A way to improve the mechanical behavior is directional solidification, where grains are oriented
in loading direction. As a material itself has quite good creep properties, for example in the case of
superalloys, the grain boundaries play a strong role in weakening the material at higher temperatures.
Avoiding grain boundaries inclined at 45◦ by the loading direction, shear stresses along these weaker
boundaries can be eliminated and the strength is just defined by the microstructure inside of the
longitudinal orientated grains [11].
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Nickel-based superalloys provide further ideas to improve the high-temperature properties,
due to similarities in microstructure. By the addition of Hf and/or Mo, different approaches for
optimization are expected: Molybdenum is supposed to partition to the matrix, to have a solid-solution
strengthening effect due to its bigger atomic size and therefore to lead to a distorted lattice, acting as
an obstacle for dislocation movement [12]. The positive effect of hafnium is due to a strengthening of
grain boundaries: A columnar-grained microstructure for example shows an enhancement of creep
ductility and lifetime by the addition of hafnium that strengthens the vicinity of grain boundaries
vertical to the load stress [13]. Doherty et al. [14] explain this by Hf participating more likely to the
γ′-phase Ni3(Al, Hf), leading to a strengthening of it. The grain boundaries are therefore strengthened
by the fracture-retarding effect of the interlocking γ′-configuration in this areas [15].

2. Materials and Methods

2.1. Alloy Preparation

In this work all chemical compositions are given in at.%. The composition of the base alloy
Al10Co25Cr8Fe15Ni36Ti6 was changed by adding 0.5 at.% hafnium or 1.0 at.% molybdenum on the
expense of aluminum. The added amounts and the reduction of aluminum were identified by
simulations using the ThermoCalc software [16] with the database TTNi7 [17]. The base alloy in
its original composition is also considered.

All constituents with a purity of 99.99% were cleaned in ethanol using an ultrasonic bath and
were then melted in a vacuum induction furnace. The material was distributed randomly in a ceramic
crucible in the middle of a water-cooled Cu-coil. After evacuating the chamber twice to a pressure of
5·10−4 mbar it was flooded with argon to prevent the evaporation of elements, especially chromium.
The ceramic mold was heated up to a temperature of 1400 ◦C by a second coil and a graphite receptor,
thus the material remained in liquid state after casting. To achieve directionally solidified grains in the
[001]-direction, the Bridgman process was used and the mold was withdrawn through a water cooled
baffle with a speed of 3 mm/min. The cast rods, with a diameter of 20 mm and a length of about
110 mm, were homogenized for 20 h at 1220 ◦C in the case of the Mo-containing alloy and at 1140 ◦C
in the case of the Hf-containing alloy to avoid eutectic formation determined by differential scanning
calorimetry. Subsequent annealing was performed in two different ways for both alloys, 900 ◦C/50 h
and 950 ◦C/100 h respectively. After heat treatment the rods cooled down to room temperature in the
furnace. To remove the oxide layer the samples were initially sand-blasted and afterwards treated with
aqua regia. The rods were cut by electrical discharge machining to obtain samples for microscopic and
mechanical characterization.

2.2. Microstructural Observations

Flat disks were cut from the rods and cut again in the middle to examine the cross and longitudinal
section of the microstructure. These surfaces were embedded in a conductive resin, ground, polished
with 1 μm diamond slurry and finally polished chemically. The specimens were etched with a solution
of 3 g Mo-acid in 100 mL H2O, 100 mL HCl and 100 mL HNO3 to achieve a better phase contrast by
dissolving γ′- and Heusler type phase. For the examination we used a scanning electron microscope
(SEM) Zeiss 1540EsB Cross Beam, operating under an accelerating voltage of 30 kV and using the
SE2-detector for imaging. Precipitate size and volume fraction were determined using the classification
of the Weka segmentation method [18] in the open source software Fiji [19], based on ImageJ [20,21].
More than 500 particles per state were analyzed.

2.3. Mechanical Tests

Electrical discharge machining was employed to obtain flat specimens for high temperature tensile
tests. The square cross section of the samples was 1.0 × 1.9 mm2 and the gauge length was 8 mm, while
the entire length of the sample was 25 mm. The specimens were cut out in such a way that the tensile
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direction was parallel to the [001]-grain-orientation. Before assembling the specimen, their surfaces
were ground and a type-S thermocouple was welded for the regulation of temperature on the lower
end of the gauge length. The sample was then attached to the ceramic clamping, the radiant heated
furnace was closed and heated up to the desired temperature. Tensile tests were performed with a
deformation rate of 0.01 mm/s (corresponding to 1.3 × 10−3 1/s). A load cell and a high-resolution
camera were logging about four pairs of values for stress and strain in one second. This lead to
engineering stress–strain curves for each test, providing mechanical parameters like ultimate tensile
strength (UTS), yield strength (YS) and strain to failure (εf).

3. Results and Discussion

3.1. Chemical and Microstructural Analysis of Al10Co25Cr8Fe15Ni36Ti6

The alloy Al10Co25Cr8Fe15Ni36Ti6 exhibited a dendritic microstructure after the casting process.
Dendrites could be dissolved by a homogenization heat-treatment at 1220 ◦C for 20 h. Subsequent
annealing for 50 h at 900 ◦C lead to a three-phase microstructure: Figure 1a) shows the large (several
10 μm), randomly distributed Heusler type phase, with its characteristic needle-like shape and a
volume-fraction of <5%. The γ′-microstructure is displayed in Figure 1b) with a higher magnification
with L12-ordered cuboidal shaped γ′-precipitates and small matrix channels with round secondary
γ′-particles. The matrix has a face-centered cubic structure [22].

Figure 1. SEM-images of (a) Heusler type phase with a needle-like shape and a length up to 50 μm
and (b) cuboidal γ′-particles with an edge-length up to 400 nm and matrix channels with small and
spherical secondary γ′-particles (some 10 nm).

The chemical analyzation of all phases, determined by TEM/EDS, is listed in Table 1 and results
in a Co-Fe-Cr rich fcc-matrix and Ni-Al-Ti rich L12-ordered precipitates [10]. The Heusler type phase
is very rich in Al, while all other elements are depleted, especially Fe, Co and Cr.

Table 1. Chemical composition (in at.%) of all occurring phases in the annealed state (900 ◦C for 50 h)
of the alloy Al10Co25Cr8Fe15Ni36Ti6 analyzed by TEM/EDS [10].

Element Content in at.% γ-Matrix γ′-Particles Heusler Type Phase

Al 6.9 ± 0.6 11.4 ± 0.6 24.4 ± 1.3
Co 29.5 ± 0.5 22.5 ± 0.6 21.9 ± 1.7
Cr 9.3 ± 0.4 3.5 ± 0.4 3.6 ± 0.2
Fe 20.4 ± 0.6 8.8 ± 0.7 10.7 ± 0.4
Ni 30.4 ± 1.0 45.0 ± 1.5 33.9 ± 0.6
Ti 3.5 ± 0.4 8.7 ± 0.5 5.6 ± 0.2

3.2. Impact of Bridgman Process on Mechanical Properties

An increase of tensile strength was expected by the use of the Bridgman process, resulting in
directional solidified samples. The base alloy was cast twice, conventionally cast with randomly

380



Entropy 2019, 21, 169

orientated grains and directionally solidified, as described in Section 2 “Materials and Methods”.
The heat treatment was equal for both conditions (annealing at 900 ◦C for 50 h). The phase-characteristics
(content and size) concerning Heusler type phase and γ′-phase were identical for both types of
processing techniques and are displayed in Figure 1. Figure 2 shows the grain structures of both states,
confirming elongated grains in the direction of load (σ) in the case of directional solidification, while the
conventionally cast microstructure exhibits grain boundaries across the orientation of external stress.

Figure 2. SEM-image of (a) conventionally cast, polycrystalline and (b) directionally solidified
microstructures of the base alloy Al10Co25Cr8Fe15Ni36Ti6 after annealing at 900 ◦C for 50 h.

Results of tensile tests, carried out over a temperature range from room temperature to 900 ◦C,
are displayed in Figure 3. Directional solidification (DS) showed an improvement in two ways as
compared to conventional casting (CC). On one hand, DS-samples scattered much less, as standard
deviation of particularly ultimate tensile strength (UTS) and also strain to failure (εf) were reduced
strongly for each temperature level, see also Table 2. While the deviation is 50 MPa and 8% respectively
in CC-state at the most, the maximum deviation in the DS-state is only 16 MPa and 5%. Furthermore,
curve progressions for DS-samples seem to be much smoother and more like expected, as the strain to
failure increases and the ultimate tensile strength decreases from 600 ◦C to 900 ◦C. All curves at room
temperature exhibit high ductility with strain to failure levels about 25% for DS-samples and up to
50% for CC-samples.

Figure 3. Stress–strain curves at room temperature up to 900 ◦C for (a) conventionally cast samples
and (b) directionally solidified samples of the base alloy Al10Co25Cr8Fe15Ni36Ti6 in the annealed state
(900 ◦C/50 h).
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Table 2. Ultimate tensile strength (UTS) and strain to failure (εf) at different temperature levels for the
conventionally cast (CC) state and the directionally solidified (DS) state.

UTS in MPa YS in MPa εf in %

CC DS CC DS CC DS

~23 ◦C 696 ± 33 1197 ± 6 520 ± 19 627 ± 9 49 ± 0 27 ± 1
600 ◦C 561 ± 50 1006 ± 16 470 ± 8 594 ± 3 11 ± 8 12 ± 2
700 ◦C 560 ± 27 840 ± 1 461 ± 10 547 ± 42 9 ± 4 17 ± 5
800 ◦C 536 ± 7 575 ± 7 445 ± 2 399 ± 1 6 ± 4 20 ± 4
900 ◦C 312 ± 6 319 ± 1 219 ± 6 243 ± 2 8 ± 6 34 ± 1

On the other hand, the most important improvement was the increase of UTS in case of the
DS-samples by a factor of 1.5–1.8 in the range of room temperature up to 700 ◦C. Surprisingly, at higher
temperatures of 800 and 900 ◦C the improvement by DS processing was only small (a factor of 1.1 and
1.0 respectively for 800 and 900 ◦C).

3.3. Influence of Refractory Elements on Microstructural Characteristics

The original heat treatment of the base alloy has been investigated and adapted for the alloys
containing small amounts of hafnium and molybdenum: The homogenization treatment for the base
alloy (1220 ◦C/20 h) was supposed to work for Al9Co25Cr8Fe15Ni36Ti6Mo1 and the Hf-containing
alloy as well. In the case of the Mo-alloy the Heusler type phase was completely dissolved after this
treatment, while the Hf-alloy exhibited eutectic formations at the grain boundaries and unsolved
Heusler type phase in spherical form, attached to the grain boundaries between eutectic regions. In this
case the heat treatment temperature needed to be adapted and finally no eutectic formation occurred
at 1140 ◦C, but the Heusler type phase still remained unsolved in the homogenized state. These two
phenomena are shown in Figure 4.

Figure 4. Microstructure of the Hf-containing alloy Al9.5Co25Cr8Fe15Ni36Ti6Hf0.5 after homogenization
at (a) 1140 ◦C/20 h and (b) 1220 ◦C/20 h.

The annealing step 900 ◦C/50 h was taken from the initial heat treatment, where γ´-particles
precipitate in the fcc-matrix. The γ′-morphology of all alloys after standard treatment is shown
in Figure 5 with clear changes: While the base alloy showed cuboidal particles with rounded
corners, the Mo-alloy exhibited spherical, and the Hf-alloy showed cubic, sharp-cornered precipitates.
These geometries were due to different values of misfit between the γ′-phase and the matrix. It was
a result of the differences in lattice parameters of both phases [23]. Experiments for quantitative
determination of lattice parameters and therefore misfit values have been carried out with synchrotron
radiation at photon source BESSY II in Berlin, Germany over a wide temperature range and are in the
process of being evaluated.
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Figure 5. γ′-microstructure of the base alloy (a) and with the addition of molybdenum (b) and hafnium
(c) after annealing at 900 ◦C/50 h.

Nickel-based superalloys with extraordinary strength- and creep-properties at high temperatures
exhibited more cubic precipitates, a higher γ′-volume content (60–70%) and larger γ′-particles
(up to 500 nm) [24] than the base alloy Al10Co25Cr8Fe15Ni36Ti6 (Vγ′= 40%, dγ′ = 400 nm) after
heat treatment at 900 ◦C/50 h. Therefore, several studies with variation of annealing time and
temperature (±50 K; +500 h) have been conducted, resulting in an enhancement of both size and
volume fraction after an annealing treatment at 950 ◦C for 100 h for the base alloy, already described
in [25]. SEM-images of both conditions for the base alloy, as well as for Al9.5Co25Cr8Fe15Ni36Ti6Hf0.5

and Al9Co25Cr8Fe15Ni36Ti6Mo1 are shown in Figure 6, where larger cubic particles in (b), (e) and
larger spherical particles in (h) can be detected compared to their original appearance in (a), (d) and
(g) after shorter annealing at a lower temperature. Figure 6f shows the spherical Heusler type phase
accumulation in the case of the Hf-containing alloy, while the needle-shaped Heusler type phase in the
case of the base alloy and the Mo-containing alloy is represented in (c) and (i).

Figure 6. SEM-images showing the γ′- and Heusler type morphology for three different alloys and
two different annealing treatments 900 ◦C/50 h (a,d,g) and 950 ◦C/100 h (b,c,e,f,h,i).
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Since volume fraction and precipitate size play an important role for the mechanical behavior,
all samples were investigated carefully after both annealing steps using SEM-images. The resulting
volume fractions of the γ′- and Heusler type phase, as well as the size of γ′-particles are listed in
Table 3. The size corresponds to the diameter in the case of round particles and to the edge-length in
case of cuboidal particles.

Table 3. Volume fractions of γ′- and Heusler type phase, size and shape of γ′-precipitates after the
annealing treatments 900 ◦C/50 h and 950 ◦C/100 h.

Base Alloy
Base Alloy

+Mo
Base Alloy

+Hf

900 ◦C
50 h

dγ′ in nm 200 ± 70 190 ± 70 210 ± 70
Vγ′ in % 38 ± 7 44 ± 1 46 ± 2

VHeusler in % 3 ± 2 3 ± 3 6 ± 1

950 ◦C
100 h

dγ′ in nm 400 ± 100 360 ± 100 420 ± 100
Vγ′ in % 41 ± 3 37 ± 1 38 ± 8

VHeusler in % 9 ± 1 3 ± 1 5 ± 1

Shape of γ′-precipitates Cuboidal
(round corners) Round Cuboidal

(sharp corners)

An increase of γ′-size and γ′-volume fraction, as well as an increase of Heusler type volume
fraction is confirmed by Table 3 in the case of the base alloy for the annealing step 950 ◦C/100 h.
While the size of precipitates increased with longer treatment at higher temperatures for the Mo-
and Hf-containing alloys, too, the volume fractions of the Heusler type phase and γ′-phase were not
enhanced, but decreased about 7–8% in the case of the γ′-phase and remained constant in the case of
the Heusler type phase.

3.4. High-Temperature Tensile Tests of the Alloys after Annealing at 950 ◦C for 100 h

The presented stress–strain diagrams of the base alloy after standard heat-treatment (900 ◦C/50 h)
in Figure 3 are completed by Figure 7, where samples were annealed at 950 ◦C for 100 h, resulting
in larger γ′-precipitates. Samples tested at room temperature showed a brittle fracture behavior, as
well as specimens tested at 600 and 700 ◦C. In general, large scattering occurred respective to strain to
failure and curve progression. Ultimate tensile strength scattered less within one temperature series.

Figure 7. Stress–strain curves for the base alloy Al10Co25Cr8Fe15Ni36Ti6 after annealing at 950 ◦C for 100 h.
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Figure 8 shows the stress–strain curves of Al9Co25Cr8Fe15Ni36Ti6Mo1 after the annealing step
950 ◦C/100 h in detail. Scattering of the curve progressions was very high and particularly strain
to failure values show large scatter at all temperatures tested. At room temperature and at 600 ◦C
the alloy exhibited a ductile behavior, while the ultimate tensile strength at higher temperatures was
reached very quickly after short elongations. In these cases, the first cracks appeared rapidly and
fracture propagation was fast.

Figure 8. Stress–strain curves for the Mo-containing alloy Al9Co25Cr8Fe15Ni36Ti6Mo1 after annealing
at 950 ◦C for 100 h.

Stress-strain curves of the hafnium containing alloy are displayed in Figure 9. First of all,
various tests at the same temperature were very reproducible with only a little scatter. Tests at
room temperature reach the highest ultimate tensile strength with a strain to failure of about 20%.
Samples deformed at 600 ◦C exhibited only half the strain to failure. In the range of 600–900 ◦C
the samples showed the expected evolution of strength and plasticity, as ultimate tensile strength
decreased and strain to failure increased with increasing temperature.

Figure 9. Stress–strain curves for the Hf-containing alloy Al9.5Co25Cr8Fe15Ni36Ti6Hf0.5 after annealing
at 950 ◦C for 100 h.

3.5. Discussion and Comparison of Mechanical Properties

In this work, compositionally complex alloys were improved with the goal to increase mechanical
properties in the temperature range around 700–800 ◦C. Therefore, discussion will mainly depend on
this temperature region.
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Figure 10 shows the comparison between different variants of the base alloy respective ultimate
tensile strength and strain to failure. The progress of this values from low to high temperatures is
indicated by arrows and the significant temperature ranges are marked by differently colored areas.
While the polycrystalline samples showed little strength and ductility in the marked red area, both
parameters increased using directional solidification (green and blue areas). The two colored areas
(green, blue) for directional solidified alloys, with different annealing treatments in contrast, revealed
a clear difference: Annealing at 900 ◦C/50 h did in fact lead to smaller precipitates, but these samples
exhibited a higher ultimate tensile strength, higher strain to failure and less scatter. The reason for this
desirable behavior was due to the volume content of Heusler type phase that was drastically reduced
from 9% to 3% after annealing at 900 ◦C/50 h, see Table 3.

Figure 10. Evolution of ultimate tensile strength and strain to failure from room temperature (RT) to
900 ◦C for different manufactured and annealed types of the base alloy Al10Co25Cr8Fe15Ni36Ti6.

An overview about all tested tensile samples is shown in Figure 11, including the different types
of the base alloy (blue), the Hf- and Mo-containing alloys in red and green respectively, as well as
two conventionally used nickel-based alloys that are used in the temperature-range of 680–820◦C,
highlighted by the vertical yellow stripe.

Figure 11. Ultimate tensile strength for all investigated alloys over the temperature range from
room temperature to 900 ◦C. Inconel 617 and Alloy 800 H in a polycrystalline state taken from
references [26,27].
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Figure 12 shows more detailed views on two types of comparison and allows viewing of the
effective aspects of mechanical behavior. Directionally solidified samples were produced to neglect the
huge factor of grain-structure and grain-size in the mechanical behavior and to investigate the pure
microstructure influence independently.

Figure 12. Ultimate tensile strength over the temperature range from room temperature to 900 ◦C for
all directionally solidified alloys (a) and the conventionally cast, polycrystalline base alloy, compared
with the two commercial nickel-based alloys Inconel 617 [26] and Alloy 800 H [27] (b).

Thus Figure 12a compares all DS-samples and the base alloy even after two different annealing
treatments, leading to the following remarks: Differences in UTS of all tested specimen were getting
smaller in the higher temperature range 800–900 ◦C. Between 700 and 800 ◦C, and also at 600 ◦C,
there was a clear order: The worst behavior was exhibited by the Mo-containing alloy, the base alloy
had a remarkably higher strength and the best mechanical properties could be observed in the case
of the Hf-containing alloy. Next to the alloys, annealed under the same conditions, the base alloy
after a treatment at 900 ◦C/50 h was observed in the range of the Hf-containing alloy. Since the
base and the Mo-containing alloy (950 ◦C/50 h) showed the same characteristics of the Heusler type
phase, round γ′-particles contributed in a bad way to the mechanical behavior. As the two strongest
materials, the base alloy (900 ◦C/50 h) and the Hf-containing alloy (950 ◦C/100 h) exhibited almost
identical stress–strain diagrams concerning strength, ductility and reproducibility, the small difference
in γ′-morphology (sharp corners at the Hf-containing alloy), as well as the shape of Heusler type
phase were not a reason for the worse fracture behavior. Consequently, good high-temperature tensile
properties occurred in the case of cubic precipitates, assumed that the Heusler type phase content was
kept quite low. If the Heusler type phase content rose three times higher in the case of the base alloy,
the ultimate tensile strength fell down drastically.

For a comparison with commercially used alloys, the polycrystalline base alloy could be used,
see Figure 12b: While the base alloy showed UTS exceeding that of Alloy 800 H over the whole
temperature range, it was very similar or only a little worse than the UTS of the alloy Inconel 617 at
temperatures up to 700 ◦C. In the important temperature range between 700 and 800 ◦C, UTS of the
base alloy was equal in the beginning and even exceeded IN 617 at 800 ◦C by a factor of 1.2.

Figure 13a shows the yield strength of all tested alloys over the temperature range from
room temperature to 900 ◦C, where the samples showed a remaining plastic deformation of 0.2%.
An interesting and application oriented fact is shown in Figure 13b, where the polycrystalline base
alloy was compared to the conventionally nickel-based alloys. Similar to the ultimate tensile strength
in Figure 12 the yield strength of the base alloy exceeded Alloy 800 H quite significantly. The more
competitive alloy IN 617, however, showed similar values of UTS, except at 800 ◦C, but the yield
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strength was not able to reach the levels of the base alloy. In the important temperature range the yield
strength of the base alloy overran IN 617 by a factor of about 1.7 at 700 ◦C and 1.5 at 800 ◦C.

Figure 13. Yield strength over the temperature range from room temperature to 900 ◦C for all alloys (a)
and the conventionally cast, polycrystalline base alloy, compared with two commercial nickel-based
alloys Inconel 617 [26] and Alloy 800 H [27] (b).

4. Conclusions and Outlook

Summarizing the base alloy Al10Co25Cr8Fe15Ni36Ti6 and the influence of Hf (0.5 at.%) and Mo
(1.0 at.%) additions on microstructural and mechanical properties:

1. All alloys showed a remarkably high UTS up to 1.26 GPa at room temperature.
2. Casting by the Bridgman process lead to a directionally solidified microstructure and an increase

of strength in the direction of the grains by a factor of 1.7 at RT and 1.8 at 600 ◦C.
3. Addition of 1 at.% molybdenum lead to round γ′-particles, while the Heusler type phase remained

in its needle-like shape.
4. An amount of 0.5 at.% hafnium sharpened the corners of the γ′-particles and lead to a spherical

Heusler type phase.
5. The γ′-particle size increased for all alloys by annealing for longer times at higher temperature.

Volume fractions of γ′ and particularly Heusler type were only increasing in the case of the base
alloy, while the Hf- and Mo-containing alloys showed a decrease of γ′-volume fraction and no
obvious changes concerning the Heusler type phase.

6. Under the same heat treatment conditions, Mo addition lowered the ultimate tensile strength
of the base alloy due to the more round morphology of γ′-particles. The Hf-containing alloy,
however, showed an increase in UTS due to the lower content and/or the spherical shape of
Heusler type phase.

7. The annealing treatment of 900 ◦C/50 h for the base alloy lead to a similar mechanical behavior to
that of the Hf-containing alloy, with high strength, good strain to failure and high reproducibility.
This is referred to a three times reduction of Heusler type volume fraction.

8. In comparison to the two commercially used nickel-based alloys IN 617 and Alloy 800 H, the
polycrystalline base alloy showed better mechanical behavior, particularly in the temperature
range 700–800 ◦C and especially in yield strength.

The top priority for future work is to reduce or maybe even avoid the Heusler type phase and to
clarify the question about its role on mechanical behavior. We can state that a spherical shape and a
low content of <3% is desirable for good mechanical properties. Thus it is necessary to gain knowledge
about the chemical and thermodynamic stability resulting in an only two-phase microstructure.
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Abstract: We investigate the effect of alloying with scandium on microstructure, high-temperature
phase stability, electron transport, and mechanical properties of the Al2CoCrFeNi, Al0.5CoCrCuFeNi,
and AlCoCrCu0.5FeNi high-entropy alloys. Out of the three model alloys, Al2CoCrFeNi adopts a
disordered CsCl structure type. Both of the six-component alloys contain a mixture of body-centered
cubic (bcc) and face centered cubic (fcc) phases. The comparison between in situ high-temperature
powder diffraction data and ex situ data from heat-treated samples highlights the presence of a
reversible bcc to fcc transition. The precipitation of a MgZn2-type intermetallic phase along grain
boundaries following scandium addition affects all systems differently, but especially enhances
the properties of Al2CoCrFeNi. It causes grain refinement; hardness and electrical conductivity
increases (up to 20% and 14% respectively) and affects the CsCl-type → fcc equilibrium by moving
the transformation to sensibly higher temperatures. The maximum dimensionless thermoelectric
figure of merit (ZT) of 0.014 is reached for Al2CoCrFeNi alloyed with 0.3 wt.% Sc at 650 ◦C.

Keywords: high-entropy alloys; in situ X-ray diffraction; grain refinement; thermoelectric properties;
scandium effect

1. Introduction

High-Entropy Alloys (HEAs) are defined according to the atomic percentage of their principal
elements, between 5 and 35 at %, or according to their configurational entropy at random state,
ΔS > 1.5 R (R = 8.314 J·K−1·mol−1). Their high compositional complexity draws a hyper-dimensional
space whose limits have yet to be explored, for its investigation has mostly focused on equiatomic
or near-equiatomic compositions [1,2]. In fact, the study of HEAs is driven by the search of new
single-phase systems, whose formation is opposed by the diverse mixing enthalpies, atomic size, and
valence electron concentration of the constituent elements. Consequently, single-phase HEAs are rare,
whereas systems consisting of multiple solid solutions and ordered intermetallic phases are more
common [3].

Following the pioneering publications in 2004 by Yeh [4] and Cantor [5], HEAs have attracted
growing research interest due to their outstanding mechanical and thermal properties; including high
compression yield, fracture strength, ductility and toughness, as well as extreme corrosion, wear
and fatigue resistance. HEAs have thus been proposed as candidates for applications in which high
temperature stability is pivotal; e.g., as replacements for conventional binders after liquid-phase
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or spark-plasma sintering, for liquefied gas storage and for high-temperature thermoelectrics [1,6].
Thermoelectric properties can be tuned with respect to valence electron concentration (VEC) and a
dimensionless thermoelectric figure of merit (ZT) of 0.012 at 505 ◦C was reached for Al2CoCrFeNi.
The phase evolution of HEAs has been extensively studied both ex situ and in situ [7–11].

Following a traditional trend in alloy development, HEAs have seen the addition of selected
secondary phases to further tune their mechanical properties. This approach has led to the development
of a new class of metal-matrix composites, containing oxides [12], silicon carbide [13] or nano-
diamonds [14]. Alloying with elements in low concentrations, on the other hand, has resulted in the
precipitation of intermetallic compounds in the matrix phase. However, while intermetallics deeply
affect yield strength, hardness, tensile properties, and matrix stabilization—due to the competition
between mixing enthalpy of atom pairs and mixing entropy—their proper distribution, size, shape,
and volume fraction represent a cause for concern [1]. The synthesis of precipitation-hardened
HEAs following the introduction of intermetallics has proven largely unsuccessful when binary
compounds are concerned, and no studies have been performed on the formation of stable ternary
inclusions as pinning centers in complex multi-principal component alloys [15–17]. This is mostly
due to the difficulties in choosing appropriate alloying elements. Their selection should be guided
by the following considerations: miscibility for most or all HEA constitutive elements in liquid state,
low formation enthalpy for ternary compounds and crystallization in common structure types (e.g.,
σ-phase, Laves phase).

We recently highlighted the compound-forming ability of scandium and its outstanding effect
on the mechanical properties of multicomponent alloys [18]. Scandium forms over three hundred
binary and ternary phases with most elements of the periodic table, many of which crystallize in highly
symmetrical structures (e.g., space groups Pm3m, Fm3m, P63/mmc). Scandium-based intermetallics
(i.e., Al3Sc, V- and W-phases) are responsible for the enhanced properties of several commercial
aluminum alloys and newly developed multicomponent systems [19]. These features make scandium
a perfect candidate to achieve precipitation-hardened HEAs. Moreover, its low density makes it ideal
in combination with HEA based on 3d-elements, which make up to 85% of the known systems [1].
The AlxCoCrCuyFeNi HEA can be considered a model alloy. The nature of the solid solution can be
tuned by changing the aluminum and copper content, since Al and Cu act as bcc- and fcc-stabilizers
respectively [20]. Thus, Al2CoCrFeNi and AlCoCrCu0.5FeNi have been widely reported as pure bcc
phases, while Al0.5CoCrCuFeNi as purely fcc-structured [21–23].

We herein report on the effects of 0.3–5 wt.% scandium addition to the microstructure, mechanical
and transport properties, thermal stability, and phase evolution upon temperature of the model
Al2CoCrFeNi, AlCoCrCu0.5FeNi, and Al0.5CoCrCuFeNi HEAs. We show that scandium forms the
same stable ternary intermetallic in all three alloys, but that the compound interacts differently with
bcc- and fcc-structured alloys.

2. Materials and Methods

The target alloys were prepared using induction melting from pure metallic powders, in a
BN crucible in an Ar-filled Customised DAB01 glove-box (Saffron Scientific Equipment Limited,
Knaresborough, UK). Complete melting of the samples was achieved above 1300 ◦C. After 5 min at the
melting temperature, the sample was cooled down naturally to room temperature. The samples were
re-melted three times to assure homogeneity. A brief rationale of the synthesized specimens and their
performed analysis is reported in Supplementary Materials Table S1.

Differential scanning calorimetry (DSC) measurements were performed on small pieces of sintered
samples (50 mg) placed in an Al2O3 crucible and heated in a Netzsch STA 449 F1 Jupiter. Heating (Selb,
Germany) and cooling were performed in flowing Ar gas with a temperature ramp of 10 K·min−1

from 35 to 1300 ◦C.
The transition temperatures highlighted by DSC were used to decide annealing conditions.

Samples were heat-treated above their first reversible or irreversible transition temperature with
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the following specifics: Al2CoCrFeNi, Al0.5CoCrCuFeNi and AlCoCrCu0.5FeNi at 850 ◦C, 12 h;
Al2CoCrFeNi + 3 wt.% Sc at 900 ◦C, 12 h; Al0.5CoCrCuFeNi + 3 wt.% Sc and AlCoCrCu0.5FeNi
+ 3 wt.% Sc at 930 ◦C for 6 h. During annealing, pellets of each sample were sealed in a silica tube
under vacuum (<10−7 Pa) and heated in a furnace. After annealing, the tubes were quenched in
ice-cold water.

For microstructure and elemental analysis, all samples were mounted in carbonized resin, ground
and polished using MetaDiTM Supreme Polycrystalline Diamond Suspension (1 μm) (Coventry, UK).

The morphology and elemental compositions were analyzed using a Hitachi S-4800 Field Emission
scanning-electron microscope (SEM) equipped with energy dispersive X-ray (EDX) analyzer (Tokio,
Japan). The average elemental composition was obtained from 2.5 mm maps (Table S2).

The Vickers hardness was measured on a WilsonR VH3100 Automatic Knoop/Vickers Hardness
tester (Buehler, Lake Bluff, IL, USA); 25 individual points under a 9.81 N (1 kg) testing load were
measured to get statistically significant results.

The density was measured according to Archimedes’ principle in water, in the ATTENSION
equipment (Biolin Scientific, Stockholm, Sweden). Six measurements were taken for each sample to
obtain statistically relevant results

The small punch tests were performed on discs of diameter 12.5 mm and thickness circa 0.8 mm.
Measurements were performed with a properly modified Tinius Olsen H25KS Benchtop Tester
(Salfords, UK). The setup included a lower die (diameter of 8 mm) and a punch (4 mm diameter).
Each experiment was reproduced twice for statistical significance; however, since each specimen had
a slightly different thickness, the final results were normalized for the standard 0.5 mm thickness as
described in [24].

For powder X-ray diffraction (PXRD), samples were powdered using a Fritsch mini-mill
Pulverisette 23 (Idar-Oberschtein, Germany) (steel vial and ball, 10 min at 50 rpm). PXRD data for
the annealed powdered samples were collected at ID06B-LVP beam-line at the European Synchrotron
Research Facility, ESRF (room temperature, λ = 0.22542 Å) using position sensitive detector. LaB6

(NIST SRM 660c) was used as external standard for calibration.
In situ high-temperature PXRD patterns were collected at the I-11 beam-line at the DIAMOND

light source (λ = 0.494984 Å). LaB6 (NIST SRM 660c) was used as external standard for wavelength
and sample to detector distance calibration. A wide-angle Mythen-2 Si position sensitive detector.
The detector was moved at constant angular speed with 10 s scan time at each temperature and 60 s
waiting time to let the temperature stabilize. The powdered alloys were sealed in a 0.5 mm silica glass
capillary in vacuum and heated in the capillary furnace from 25 to 1200 ◦C with axial rotation [25].
In all samples, oxidation was detected above 1000 ◦C, which can be due to the reaction of metallic
alloy with silica at high temperature, resulting in capillary destruction. In situ low-temperature PXRD
profiles were collected at the P02.1 beam-line at the PETRA III synchrotron (λ = 0.207150 Å). LaB6 (NIST
SRM 660c) was used as external standard for calibration. A wide-angle position sensitive detector
based on Mythen-2 Si strip modules was used. The detector was moved at constant angular speed
with 10 s scan time at each temperature and 60 s waiting time to let the temperature stabilize. The
powdered alloys were sealed in 0.5 mm silica glass capillaries in vacuum and cooled in nitrogen flow
from 300 to 100 K. Temperature was directly measured with a thermocouple during the experiment;
error arising from the distance between sensor and capillary was estimated to be below 5%.

Temperature dependent PXRD patterns were analyzed using Powder3D software [26]. Phase
composition has been verified using the Powder Diffraction File database [27]. Parametric sequential
refinements were performed using the TOPAS 5.0 software [28]. Profile parameters for the Lorentzian
function, cell parameters, and phase fractions were refined simultaneously for all phases.

The Seebeck coefficient S (μV·K−1) and electrical conductivity σ (kS·cm−1) were measured
simultaneously under He atmosphere with a Linseis – Seebeck and Electric Resistivity Unit (LSR-3 1100,
Linseis, Selb, Germany) four-point setup with PtRh/Pt and Pt contacts and a continuous reverse of the
polarity of the thermocouples (bipolar setup, measurement current: 100 mA) using cuboid samples
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(ca. 8 × 2 × 3 mm). Three heating cycles up to 875 ◦C (10 K·min−1, 3 data points per temperature)
were performed. Thermal diffusivity was measured up to 875 ◦C (heating/cooling rate 10 K·min−1)
under He atmosphere with a Linseis LFA1000 (Selb, Germany) apparatus. Simultaneous heat loss
and finite pulse corrections were applied using Dusza’s model [29]. Values were averaged from
five measurement points at each temperature. For calculation of thermal conductivity κ, they were
multiplied with the Dulong−Petit heat capacity Cp and the density as derived by the weight and the
volume determined by Archimedes’ principle. The single values of each sample are given in Table S3.
According to experimental Cp values of materials with similar compositions (e.g., 0.60 J·g−1·K−1 for
AlCoCrFeNi at 25 ◦C) [30], the room temperature heat capacity of these materials is about 20% higher
than the Dulong–Petit value of 0.49 J·g−1·K−1; this probably adds this uncertainty to the values of κ
and thus ZT.

3. Results and Discussions

Al2CoCrFeNi, Al0.5CoCrCuFeNi and AlCoCrCu0.5FeNi were synthesized via induction melting
in the atomic compositions reported in the Table S1. While all three systems are widely reported
as single-phase [1], refinements of PXRD data obtained with synchrotron radiation highlight the
presence of a secondary fcc phase in the bcc-structured AlCoCrCu0.5FeNi alloy (Figure 1c) and of
a very small secondary bcc phase in the mainly fcc-structured Al0.5CoCrCuFeNi alloy (Figure 1b).
Unlike Al0.5CoCrCuFeNi and AlCoCrCu0.5FeNi, Al2CoCrFeNi appears to be a solid solution forming a
disordered CsCl structure-type. (Figure 1a). This is consistent with a previously reported investigation
on CoCrCuFeNi-based systems—which displayed a phase separation due to the positive mixing
enthalpy between copper and other elements [31]—and with the Hume–Rotary classification maps
in ref. [32].

Figure 1. Powder X-ray diffraction (PXRD) Rietveld refinements performed from the DIAMOND light
source (I11, λ = 0.494984 Å) of (a) Al2CoCrFeNi. The section between 12 and 16 degrees 2θ is enlarged
to show the symmetric shape of the first reflection. (b) Al0.5CoCrCuFeNi. The section between 12 and
15 degrees 2θ is enlarged to show the asymmetry of the first reflection, which can only be fitted by
taking into account a small amount of bcc phase. (c) AlCoCrCu0.5FeNi. The section between 13 and 15
degrees 2θ is enlarged to show the presence of an fcc phase.

The presence of the (100) diffraction line in the bcc-structured PXRD pattern indicates an ordered
superstructure, generally attributed to Al and Ni ordering [22,33,34]. Lattice parameters of the as-cast
alloys are the following: aB2 = 2.877(2) Å for Al2CoCrFeNi; afcc = 3.601(1) Å for Al0.5CoCrCuFeNi
and abcc = 2.891(3) Å for AlCoCrCu0.5FeNi. All values are consistent with the literature within
the experimental error [20,22,35–37]. Small differences between the reported results arise from the
high sensitivity of the HEA to synthetic pathway and to minor compositional variations. Therefore,
nominally equivalent starting materials can in turn display profoundly different crystal structures,
microstructures, and phase transitions.

The microstructures and elemental distributions of as-cast Al2CoCrFeNi, Al0.5CoCrCuFeNi and
AlCoCrCu0.5FeNi are reported by means of EDX element mapping in Figures S1–S3, respectively. Two
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phases are present in the as-cast AlCoCrCu0.5FeNi alloy, whose microstructure is characterized by
a matrix and a circular secondary phase of darker color. Elemental distributions appear completely
homogeneous (Figure S3). Annealing results in the growth of a darker secondary phase and the
slight segregation of Al from the rest of the elements. The as-cast Al0.5CoCrCuFeNi HEA consists of
dendritic-like and interdendritic-like regions, the first being richer in Co, Cr and Fe; and the latter
Cu-rich (Figure S2). Both the dendrite-like and interdendrite-like matrix have been previously linked
to a simple fcc phase, and copper segregation has been explained through its high mixing enthalpy
with cobalt, chromium, iron, and nickel [20]. The microstructure changes drastically after annealing, as
the two phases cannot be easily differentiated. Nevertheless, element segregation persists, with Cu
and Al separating from Co, Cr, Fe, and Ni. The as cast Al2CoCrFeNi microstructure is dominated by
large (∼100 μm) unstructured grains which, unlike previous studies, show no trace of non-equiaxed
dendrites [21,37]. With respect to other elements, chromium segregation is clearly visible, though it
can be reduced by annealing (see Figure S1). On the other hand, annealing causes the formation of a
homogeneously dispersed secondary phase, which appears as black dots.

The microstructure of all alloys is strongly affected by even a 3 wt.% addition of scandium. In the
case of Al2CoCrFeNi (Figure 2a, Figure S4), the large grains of homogeneous compositions are refined
and scandium segregates in the inter-grain volume. The scandium-based intermetallic forming in
the inter-granular region appears to contain all elements in the same relative fractions as the main
phase—with the notable exception of chromium (Table S1). In Al0.5CoCrCuFeN (Figure 2b), scandium
is dispersed more homogeneously and aids the formation of a globular microstructure. Nevertheless,
most of it segregates in the inter-granular region, with copper- and nickel-rich areas (Figure S5). Lastly,
following scandium addition the original columnar cellular microstructure of the AlCoCrCu0.5FeNi
HEA turns into equiaxed non-dendritic-like grains (Figure 2c). The chemical inhomogeneity due to
scandium segregation appears surprising, considering the strongly negative mixing enthalpy of the
metal with iron, nickel, cobalt and aluminum [38–40]. The driving force of the segregation is thus the
formation of the secondary phase.

 

Figure 2. Overview of the effect of scandium addition on the microstructure of the three systems
(scanning electron microscope-back scatter detector (SEM-BSE) images). Left: Microstructure of the
as-cast (a) Al2CoCrFeNi, (b) Al0.5CoCrCuFeNi and (c) AlCoCrCu0.5FeNi High-Entropy Alloys (HEAs)
before and after 3 wt.% scandium addition. Right: scandium distribution of the areas displayed in (b)
according to energy dispersive X-ray (EDX) maps.
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The secondary phase is the same in all systems and can be indexed as a ternary intermetallic
analogous of MgZn2-type (Figure 3). Compounds of this structure type have been reported for
scandium with several metals, in compositions such as AlCuSc, AlCoSc, Al1.06Cr0.94Sc, AlFeSc, and
AlNiSc [18]. As confirmed by elemental composition maps (Figures S4–S6), the ternary phase is a
highly disordered structure containing all five elements and scandium.

 

Figure 3. Left. PXRD profile (DIAMOND = 0.22542 Å) of the as-cast disordered CsCl-structured
Al2CoCrFeNi alloy before (blue) and after (orange) a 3 wt.% Sc addition. The PXRD profile of the
scandium phase is indexed with black hexagons. Right. Crystal structure of the hexagonal MgZn2-type
intermetallic along the c-axis, depicted as its AlCuSc analogue (Al in green, Cu in orange and Sc in
blue; a, b and c are cell axis).

Knowledge about scandium-containing ternary compounds is still fragmentary. Out of all the
cited MgZn2-type intermetallic phases, only AlCuSc has been thoroughly investigated, due to its
effect on the mechanical properties of Al-based alloys, as part of the so-called W-phase. In particular,
it was shown that the microhardness of the W-phase is much higher than the one of the Al3Sc phase
(5150–5170 MPa against 3900–4300 MPa) [18].

The formation of a very hard phase in the HEA matrix affects its mechanical properties. As shown
in Figure 4, single phase bcc alloys are harder than duplex-structured and fcc alloys. This is hardly
surprising, considering the stronger interatomic forces involved in the bcc vs. fcc packing of alloys. On
the other hand, increasing scandium content in Al0.5CoCrCuFeNi does not affect hardness. Indeed, it is
even detrimental to the hardness of the AlCoCrCu0.5FeNi alloy and is not accompanied by an increase
in ductility (as shown by the disk punch tests presented in Figure S7). Only in the originally hard
Al2CoCrFeNi HEA the formation of the intermetallic results in an increase in hardness. The addition
of 0.5 wt.% Sc causes a 20% hardness enhancement, as well as visible grain refinement. Disc punch
tests performed on the HEA with 0, 0.5 and 2 wt.% scandium additions show a decisive increment in
brittleness, proportional to the concentration of scandium (Figure S8).

Differential scanning calorimetry (DSC) was performed on alloys from room temperature to
1300 ◦C with a 10 K·min−1 heating rate. The second cycle of heating and cooling, which is less
influenced by effects of the synthetic route on the specimens—i.e., internal stress-strain, magnetic
ordering—is reported in Figure 5.
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Figure 4. Vickers hardness values for Al2CoCrFeNi (red), Al0.5CoCrCuFeNi (green) and AlCoCrCu0.5FeNi
(blue) HEAs with 0, 0.5, 2 and 3 wt.% Sc additions. Values are an average of 25 indentations at 1 HV.
SEM images of the microstructures of all alloys are shown in circles of 30 μm diameter.

 

Figure 5. Differential scanning calorimetry (DSC) of (a) Al2CoCrFeNi, (b) Al0.5CoCrCuFeNi and
(c) AlCoCrCu0.5FeNi with (dotted line) and without (solid line) 3 wt.% scandium. The second
heating/cooling cycle is reported for each specimen, in red and blue respectively.
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The DSC profile of Al2CoCrFeNi (Figure 5a) has a sigmoid-like deviation between 600 and 700 ◦C.
In a theoretical work, Gao associates this feature with the transition bcc1 + bcc2 + CsCl → bcc+CsCl,
but this is incompatible with the crystal structure of the Al2CoCrFeNi alloy as per Figure 1a. The
divergence between the results reported here and Gao’s interpretation might arise from the profound
differences in the crystal structures of the nominally equivalent starting material [41]. To unequivocally
identify the cause of the transition, a more detailed investigation of the effect of temperature on
phase stability is needed. The corresponding Sc-containing sample displays a sharp reversible peak at
1150 ◦C, probably corresponding to the melting and crystallization of the intermetallic phase, preceded
by irreversible peaks. These two endothermic peaks, located at 906 ◦C and 966 ◦C, might correspond
to phase transitions occurring in the scandium-phase. The sigmoid-like deviation clearly visible in the
pristine alloy is hardly distinguishable from the background line in the Sc-containing specimen but is
located at higher temperature (between 700 and 800 ◦C).

Al0.5CoCrCuFeNi shows a slight reversible peak centered at 760 ◦C, as well as two reversible
peaks above 1150 ◦C (Figure 5b). In previously reported DSC curves, the two endothermic peaks
of Al0.5CoCrCuFeNi at 1140 and 1270 ◦C have been linked to the melting of interdendritic-like and
dendritic-like material, respectively. The results of Jones et al. highlight a third reversible peak,
appearing at 850 ◦C and related to the dissolution and recrystallization of the L12 phase, which
might form during prolonged heat treatment below 850 ◦C and is dependent from the sample cooling
rate [42,43]. Its absence is indicative of the purity of the as-cast fcc sample, which is confirmed by
high-resolution PXRD data (Figure 1b). The scandium containing specimen displays three irreversible
signals upon heating (the first two, endothermic, at 921 and 1000 ◦C; the latter, exothermic, at 1073 ◦C).
Upon cooling, the Sc-containing specimen behaves very similarly to its corresponding pristine alloy.
The irreversible transitions occurring in the sample might thus relate solely to the intermetallic, and
have little impact on the matrix.

Finally, AlCoCrCu0.5FeNi displays a reversible transition at circa 624 ◦C, which is maintained in
the Sc-containing sample (Figure 5c). Irreversible phenomena occur in the pristine alloy above 1150 ◦C,
as in the previous sample. The scandium-containing alloy presents two irreversible endothermic peaks
(at 906 and 966 ◦C) upon heating and two exothermic peaks upon cooling (at 1102 and 1206 ◦C), which
are too far from the heating ones to be considered part of the same phenomenon.

Reversible phenomena thus occur in all systems above 600 ◦C; whereas irreversible peaks appear
in the scandium-containing alloys at ca. 900 ◦C. To investigate the nature of these transitions, the
pristine alloys were annealed above their average first reversible transition temperature, and the
scandium-containing specimens at the temperatures of their first irreversible transition. Annealing
time was shortened for the samples at the highest temperature (930 ◦C) in order not to lose aluminum.
Therefore, Al2CoCrFeNi, Al0.5CoCrCuFeNi, and AlCoCrCu0.5FeNi were annealed at 850 ◦C for 12 h.
Al2CoCrFeNi + 3 wt.% Sc was treated at 900 ◦C for 12 h, while Al0.5CoCrCuFeNi + 3 wt.% Sc
and AlCoCrCu0.5FeNi + 3 wt.% Sc at 930 ◦C for 6 h. The corresponding element distribution and
microstructures are presented in the following pages. Figure 6 reports the microstructure and element
distribution of the annealed Al2CoCrFeNi + 3 wt.% Sc alloy. With respect to Figure S1b (the annealed
pristine alloy), microstructure is refined and the intermetallic scandium phase grows in a dendritic-like
structure. The secondary phase which that have appeared in the pristine alloy (in the form of black
dots) is not displayed by the matrix. A comparison with the scandium-containing alloy prior to
annealing (Figure S4) shows a more homogeneous distribution of chromium, even though the metal
still visibly segregates along the grain boundaries.
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Figure 6. SEM images of the microstructure of annealed Al2CoCrFeNi (a), Al0.5CoCrCuFeNi (b) and
AlCoCrCu0.5FeNi (c) before and after 3 wt.% Sc addition. Blank alloys were annealed at 850 ◦C for 12h;
Al2CoCrFeNi + 3 wt.% Sc at 900 ◦C, 12 h; Al0.5CoCrCuFeNi and AlCoCrCu0.5FeNi at 930 ◦C, 6h. EDX
maps show the scandium element distribution of the areas depicted on the right side (green).

The heat treatment of the pristine Al0.5CoCrCuFeNi (Figure 6b) causes the disruption of the
original dendritic- and interdentritic-like microstructure. However, the microstructure of the scandium-
containing alloy after annealing is quite similar to the as-cast pristine alloy: a columnar cellular
structure displaying strong element segregation (Figure S2b). The light phase consists mostly of Cu
and Sc, and within it regions rich in Al and Ni. The darker areas are rich in Co, Cr, and Fe. It is of
interest to note that this element segregation is different from the one prior annealing (Figure S5), as Ni
is depleted from the matrix.

The annealed AlCoCrCu0.5FeNi + 3 wt.% Sc has a complex microstructure (Figure 6c). Acicular
particles grow in an unstructured matrix, the bigger of those being easily removed from the specimen
during polishing (and leaving behind elongated valleys). Elemental segregation occurs to form several
diverse regions: A Co-rich matrix, areas rich in Al and Ni, and Cu-Sc precipitates. Iron clearly
segregates from Al and Ni, but does not follow the trend of other elements. Finally, Cr coalesces
in circular well-shaped areas. Combining this information, we can note that the brittle phase is,
as expected, rich in Cu and Sc. The annealed scandium-containing alloy is very different not only
from the pristine alloy, but also from the original as cast specimen. Indeed, the annealed pristine alloy
shows no clustering of Cr, Fe, and Cu (Figure S3); and the scandium-containing as cast alloy clearly
highlights the coexistence of Co, Cr, and Fe (Figure S6).

To further investigate the nature of the transitions occurring in our HEA systems and how they are
affected by the intermetallic phases, we performed in situ PXRD of disordered CsCl-type Al2CoCrFeNi
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and the fcc-structured Al0.5CoCrFeNi with and without 3 wt.% scandium. Quantitative data are
available only for the main phases, whose reflections had enough intensity to be detected and refined.
The development of scandium-rich phases could not be followed directly.

Several works have highlighted that Al0.5CoCrCuFeNi consists of a mixture of two fcc phases of
similar cell parameters, corresponding to dendritic and interdendritic phase [44–46]. Chen reported
a single fcc structure below 500 ◦C, and a duplex fcc/bcc structure above 600 ◦C [47]. According to
Jones, on the other hand, two fcc phases of similar cell parameters co-exist and are stable up until their
melting temperatures (1150 ◦C for the Cu based solid solution and 1350 ◦C for the multi-component
phase) [44]. As shown in Figure 1b, our system consists of an fcc phase (afcc = 3.601(1) Å) and a
small (<10%) amount of bcc phase (abcc = 2.867(4)). The second fcc2 phase (a f cc2 = 3.609(2) Å) reported
in Figure 7a can be considered a minor admixture in an exsolution equilibrium with the bcc phase.
Heating does not affect the primary phase: reflections become sharper, but their relative intensity
remains similar. The addition of scandium (Figure 7b) has no impact on the fcc matrix, but influences
the bcc → fcc2 equilibrium by shifting it towards the formation of bcc.

Figure 7. Left: High-temperature behavior (I11 at DIAMOND, λ = 0.494984 Å) of Al0.5CoCrCuFeNi
with (b) or without (a) scandium according to in situ PXRD data. Right: Weight percentage of the
major phases in each sample: fcc (blue), bcc (red), fcc1 (green), others (pink). The yellow areas mark the
start of oxidation.

The thermal behavior of the CsCl-type Al2CoCrFeNi sample is displayed in Figure 8a. We
observe the decomposition of 40 wt.% of the CsCl-type phase above 620 ◦C and the exsolution of
an fcc phase (a f cc1 = 3.635(8) Å). At 750 ◦C a second fcc2 phase of lattice parameter a f cc2 = 3.631(9) Å
develops from fcc1 and grows almost linearly with temperature. The continuous presence of the (100)
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diffraction line in the PXRD pattern of the alloy suggests that the Al-rich sub-structure responsible
for the CsCl-type crystal structure might not be involved in the exsolution process. Results for the
Sc-containing Al2CoCrFeNi alloy are presented in Figure 8b. The exsolution of the fcc phase from
the CsCl-type one follows a different pathway, with fcc1 and fcc2 forming at the same time. The
transformation occurs at higher temperatures: a 3 wt.% scandium addition is enough to stabilize the
main CsCl-type phase for about 150 ◦C.

Figure 8. Left: High-temperature behavior (I11 at DIAMOND, λ = 0.494984 Å) of CsCl-type
Al2CoCrFeNi with (b) or without (a) scandium according to in situ PXRD data. Right: Weight
percentage of the major phases in each sample: fcc (blue), bcc (red), fcc1 (green), others (pink). The
yellow areas mark the start of oxidation.

The thermal expansion coefficient of Al2CoCrFeNi and Al2CoCrFeNi + 3 wt.% Sc can be evaluated
by in situ high-temperature PXRD measurements by fitting the corresponding dataset to:

α(T) = αTo · exp
[
α·(T − To) +

β

2
·
(

T2 − T2
o

)]
(1)

where αTo is the cell parameter α at the reference temperature (To). Figure 9 reports the variation
of the lattice parameter αCsCl upon heating and cooling. A satisfactory fitting can be obtained for
Al2CoCrFeNi for α and β equalling 3.6(2) × 10−6·K−1 and 1.69(3) × 10−8·K−2, respectively (Figure 9a);
and for Al2CoCrFeNi + 3 wt.% Sc for α and β equaling 4.2(1) × 10−6·K−1 and 1.62(2) × 10−8·K−2,
respectively (Figure 9b). As highlighted in Figure 9c, the scandium-containing CsCl-type phase has
slightly larger cell parameters than the regular alloy and follows the same trend with temperature. This
trend is consistent to the one of pure iron in the investigated temperature range, but differs strongly
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from the behavior of other cubic metals which constitute the alloy (in particular, from chromium and
nickel) [48–51].

Figure 9. Thermal expansion data fitted with Equation (1) for (a) Al2CoCrFeNi and (b) Al2CoCrFeNi
+ 3 wt.% Sc. In red: data collected upon heating from 100–400 K (PETRAIII, λ = 0.207150 Å) and
from 300–1100 K (DIAMOND, λ = 0.494984 Å); in blue: data collected upon cooling from 300–100 K
(PETRAIII, λ = 0.207150 Å). Low temperature data are highlighted in the inset. (c) Thermal expansion
curves for Al2CoCrFeNi and Al2CoCrFeNi + 3 wt.% Sc with respect to their constitutive cubic
metals [48–51].

The addition of scandium to the Al-containing HEAs results in the precipitation of a
ternary intermetallic of MgZn2-type along the grain boundaries. Microstructural data as well as
high-temperature PXRD suggest an extraordinary stability of Sc-based precipitates, which form in
all alloys containing aluminum and first raw transition metals. The matrix coherence following the
formation of the secondary phase is maintained and the Vickers hardness increases up to 20% due to
precipitation hardening (for 0.5 wt.% Sc addition to Al2CoCrFeNi). The intermetallic phase has high
thermal stability and affects the bcc → fcc exsolution equilibrium by stabilizing the body-centered cubic
phase with respect to the face-centered cubic one. This effect is likely related to the segregation of part of
the fcc-stabilizing elements (i.e., Ni and Co) in the ternary compound. Out of bcc-stabilizers, aluminum
segregates in the MgZn2-type phase, but chromium has much lower affinity for the secondary phase
and coalesces in the matrix (as highlighted by EDX maps). Lattice thermal expansion data of the
CsCl-type alloy with or without scandium show that both systems follow the same trend upon heating.
However, the cubic phase in the scandium-containing HEA has slightly larger cell parameters: this is a
further indication of the compositional difference between the matrix of the two systems.

While the thermoelectric properties of AlxCoCrFeNi (0 ≤ x ≤ 3) [6,30,52] are discussed in detail
in literature, the effect of Sc alloying on the transport properties of Al2CoCrFeNi is herein reported for
the first time (Figure 10). The absolute Seebeck coefficient of n-type materials decreases slightly with
increasing Sc content. The electrical conductivity for both compositions increases by about 1000 S·cm−1

compared to pure Al2CoCrFeNi [6,52]. In accordance with the higher electrical conductivity, the
thermal conductivity shows similar, also slightly increased values compared to ref. [6]; whereas the
thermal conductivity for pure Al2CrCoFeNi from ref. [52] is extraordinarily high.

Power factor and ZT value increase with temperature until a peak ZT value of 0.012 at 700 ◦C (for
5 wt.% Sc addition) and 0.014 at 650 ◦C (for 0.3 wt.% Sc) is reached. The subsequent decrease of ZT with
temperature is mainly attributed to the decrease of the absolute value of S due to excitation of minority
charge carriers. According to PXRD patterns of the samples after thermoelectric measurements, no
degradation was observed (Figure S12). In addition, the samples show a good cyclability within three
subsequent heating and cooling cycles (Figures S13 and S14).
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Figure 10. Thermoelectric properties of Al2CrCoFeNi + 5 wt.% Sc (blue) and Al2CrCoFeNi + 0.3 wt.%
Sc (orange) averaged over heating and cooling cycles (without first heating): electrical conductivity
σ (top, left), Seebeck coefficient S (top, right), thermal conductivity κ (middle, left), power factor PF
(middle, right) and thermoelectric figure of merit ZT (bottom, left). For comparison, literature data
for Al2CrCoFeNi (brown [6] and pink [52] dashed line) were added.

4. Conclusions

Ever since HEAs have been proposed as promising materials for high-temperature applications,
their phase stability, and the effect of selected intermetallic compounds on their performances upon
heating have seldom been studied. We report a thorough investigation on the effect of small scandium
additions to the microstructure, phase stability, and mechanical and thermoelectric properties of
the model HEAs Al2CoCrFeNi, Al0.5CoCrCuFeNi and AlCoCrCu0.5FeNi. High-temperature in situ
PXRD investigations highlights the existence of secondary phases in these systems, traditionally
though as consisting of a single solid solution. The addition of scandium to the studied HEAs
causes the precipitation of a MgZn2-type intermetallic phase. This hexagonal compound leads to
chemical inhomogeneity along grain boundaries, causing grain refinement and a powerful increase
in hardness (for Al2CoCrFeNi, a 0.5 wt.% addition of scandium enhances hardness by 20%). Upon
heating, bcc and CsCl-type phases turn into one or more fcc phases, whereas fcc phases appears very
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stable. Scandium acts as stabilizer of the bcc phase, by affecting the exsolution equilibrium bcc → fcc.
Regarding thermoelectric properties, the alloying of scandium in Al2CoCrFeNi increases the electrical
conductivity by 14%. The maximum ZT value of 0.014 reached for 0.3 w% Sc addition at 650 ◦C is in
the same order of magnitude as for other HEAs, but too low to make these materials promising for
current thermoelectric applications. Still, HEAs are a young material class and optimized HEA will
have the advantage of extreme thermal stability.

The results reported here open new possibilities in the design and further improvement of the
properties of multicomponent alloys. They could be used as the basis for designing new stable
and metastable multicomponent single-phase alloys with improved mechanical properties. The
effect of minor elements additions to HEA should be thoroughly investigated to tackle specific
technological needs.
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Abstract: The solid state phase transformation kinetics of as-cast and cold rolling deformed
Al0.5CoCrFeNi high-entropy alloys have been investigated by the thermal expansion method. The
phase transformed volume fractions are determined from the thermal expansion curve using the
lever rule method, and the deformed sample exhibits a much higher transformation rate. Two
kinetic parameters, activation energy (E) and kinetic exponent (n) are determined using Kissinger–
Akahira–Sunose (KAS) and Johnson–Mehl–Avrami (JMA) method, respectively. Results show that a
pre-deformed sample shows a much lower activation energy and higher kinetic exponent compared
with the as-cast sample, which are interpreted based on the deformation induced defects that can
promote the nucleation and growth process during phase transformation.

Keywords: high-entropy alloy; phase transformation; kinetics; deformation; thermal expansion

1. Introduction

High-entropy alloys (HEAs) are a new class of alloys designed based on a unique alloy concept
that have multi alloy components (normally five or more principal elements) with equal or near-equal
atomic composition [1,2]. HEAs are mainly solid solution based alloys, which own very attractive
properties, like high strength and hardness, high fracture toughness, excellent corrosion resistance
and unique physical properties, making them the potential engineering materials in many industry
areas [3–7].

Thermal induced phase transformations are one of the main transitions inside metallic materials
which can be used to control the final phases of the material, and thus to tune the properties. In order
to know the details of the phase transformation processes, one of the useful methods is to study the
phase transformation kinetics, which can give a lot of useful information like phase transformation
speed and transition mode [8,9]. However, until now, there have only been very few papers referring
to the kinetic analysis of high-entropy alloys.

The as-cast HEAs always exhibit coarse grains especially for big ingots. In order to obtain fine
equiaxed grains, methods like cold rolling or forging are incorporated during the treating process [10,11].
Whether this kind of treatment can affect the subsequent phase transformation process is still unclear
for HEAs.

AlxCoCrFeNi (0 ≤ x ≤ 2) HEAs are one of the alloy systems that intrigue the research interest
due to many aspects. First, this alloy system owns very good mechanical [12–15] and physical
properties [16–18]. Second, with the increasing Al content, the main phase of the alloy moves from
pure face-centered-cubic (FCC) to FCC + pure body-centered-cubic (BCC), and pure BCC phase,
making the mechanical and physical properties adjustable [16–25]. Thus, the microstructure, phases
and properties of this alloy system have been intensively investigated. In this study, a binary phase
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(FCC + BCC) Al0.5CoCrFeNi HEA with a balanced strength and plasticity are chosen to investigate the
effect of cold rolling on the subsequent solid state phase transformation kinetics.

2. Experimental Procedures

The ingots with a nominal composition of Al0.5CoCrFeNi were prepared by melting pure elements
(at least 99.95 wt.%) in a vacuum induction-melting furnace. The furnace is firstly heated to 500 ◦C and
held for 2 h to remove the water vapor, and vacuumed to below 10 Pa. Then pure argon is backfilled
to expel the rest of air until the vacuum goes back to standard atmospheric pressure. This process is
repeated three times in order to gain an oxygen-free environment as much as possible. Afterwards,
melting and casting is performed with the protection of high purity argon and the alloy is heated
at about 1550 ◦C for 15 min. Approximately 15 kg ingot is produced by casting the melt into a steel
crucible with a height of 180 mm, upper inner diameter of 140 mm and bottom inner diameter of
130 mm.

Samples with the size of 8 × 20 × 70 mm3 are taken from the center of the ingot. Then, the sample
is cold rolled to a thickness reduction of 20%. Then, samples were machined to φ 6 × 25 mm for
thermal expansion measurement both from as-cast and cold rolled plates. The thermal expansion
curves were tested using a Netzsch® DIL-402C dilatometer (Selb, Germany) under the protection of
argon with constant heating rate of 4 K/min, 6 K/min, 8 K/min and 10 K/min.

The microstructure and phases were characterized by scanning electron microscope (SEM,
TESCAN MIRA3 XMU (Brno, Czech Republic), and the working distance and the energy of beam used
are 15 mm and 20 kV, respectively) and X-ray diffractometer (XRD, DX 2700 (Dandong, China), and
the voltage and current used during measurement are 40 kV and 30 mA, respectively), respectively.
Uniaxial tensile tests are carried out with a MTS SANS CMT5105 (Shenzhen, China) mechanical tester
at the strain rate of 10−3 s−1 and the specimens are prepared along the rolling direction (RD) direction.

3. Results and Discussion

3.1. Microstructure

The microstructure and XRD patterns of Al0.5CoCrFeNi high-entropy alloys at as-cast and 20%
cold rolled (CR) condition are shown in Figures 1 and 2. Except for the grain after cold rolling showing
a very small amount elongation along the rolling direction, the as-cast and cold rolled sample show
quite similar microstructure (Figure 1). Both the samples are mainly FCC phase together with a
small amount of BCC phase (Figure 2), indicating 20% cold rolling has no significant effect on the
microstructure and phase transition of the Al0.5CoCrFeNi high-entropy alloy.

  
(a) (b) 

Figure 1. The microstructure of the Al0.5CoCrFeNi high-entropy alloys at (a) as-cast and (b) 20% cold
rolled condition. The arrow represents the rolling direction.
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Figure 2. The XRD patterns of Al0.5CoCrFeNi high-entropy alloy at as-cast and 20% cold
rolled condition.

3.2. Transformed Volume Fraction

Figure 3a shows the thermal expansion curves of Al0.5CoCrFeNi HEA at as-cast and 20% CR
condition measured at the heating rate of 10 K/min. There is a peak around 1100 K for both curves
indicating a phase transition exist, which is proved to be an FCC-BCC phase transition [8]. The
first step for phase transition kinetic analysis is to determine the phase transformed volume fraction
(f ) as a function of temperature or time. Figure 3b shows how to calculate the phase transformed
volume as a function of temperature with lever rule method using thermal expansion curves shown
in Figure 3a. The lines AD and BE can be obtained by extending the linear expansion section of the
thermal expansion curve. Then, the point C is the intersection of AC and thermal expansion curve
(f = 0 when C is at point D and f = 100% when C is point E). Finally, the theoretical volume fraction of
phase transition can be calculated using the simple lever rule method assuming the volume changes of
phase transition is in proportion to the length variations, which is expressed in Equation (1) [26]:

f =
|AC|
|AB| , (1)

where f is the volume fraction, and |AC| and |AB| are the length of the dashed line shown in
Figure 3b, indicating the instant thermal expansion length and overall length, respectively.

  
(a) (b) 

Figure 3. (a) thermal expansion curves of Al0.5CoCrFeNi high-entropy alloy measured at as-cast and
20% cold rolled condition at heating rate of 10 K/min; (b) an example of as-cast sample shows how to
calculate the phase transformed volume fraction as function of temperature.
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Figure 4 shows the transformed volume fraction as a function of temperature at different heating
rates for the as-cast (Figure 4a) and 20% CR (Figure 4b) samples. All of the f–T curves show the
similar “S” type trend, indicating that the transformation is controlled by a typical nucleation-growth
mechanism [27]. Compared with the as-cast sample, it can be seen from Figure 4 that the phase
transition of cold rolled sample starts at a much higher temperature (1033 K and 1055 K at 4 K/min for
as-cast and cold rolled samples, respectively) but ends at a much lower temperature (1195 K and 1151 K
at 4 K/min for as-cast and cold rolled samples, respectively), indicating a much higher transformation
rate when the sample is deformed.

 
(a) (b) 

Figure 4. The phase transformed volume fraction as a function of temperature curves of (a) as-cast and
(b) 20% cold rolled Al0.5CoCrFeNi high-entropy alloy.

3.3. Activation Energy

Activation energy (E) and kinetic exponent (n) are the two most important kinetic parameters.
Activation energy is the parameter that can assess phase transition energy barrier. The Kissinger–
Akahira–Sunose (KAS) method [28] and Friedman method [29] can be used for the determination of
activation energies. Here, we use KAS method, which has the following form [28]:

ln
(

T2

ϕ

)
= −C +

E
RT

, (2)

where T is temperature at certain transformed volume fraction, φ is the heating rate, E is the activation
energy, C is a constant and R is the molar gas constant. Assuming the activation energy is the same at
the same transformed fraction at different heating rates, then, by linear regression between ln(T2/φ)
and 1/T using the data taken from Figure 4, the activation energy can be directly determined by the
slope of the curve.

The determined activation energy E for as cast and 20% CR Al0.5CoCrFeNi HEA at four different
transformed volume fractions, f = 0.2, 0.4, 0.6 and 0.8 are shown in Figure 5. The activation energies
of as-cast and 20% CR Al0.5CoCrFeNi HEA show the same decreasing trend with the increasing
transformed volume fraction, f, however, the value are quite different. For the as-cast sample, the
activation energies are 262 kJ/mol and 126 kJ/mol when transformed volume fraction is 0.2 and 0.8,
respectively. The mean value is 181 kJ/mol—while, for the 20% CR sample, E are 223 kJ/mol and 110
kJ/mol when transformed volume fraction is 0.2 and 0.8, respectively. The average activation energy
is 159 kJ/mol, which is 10% lower than the as-cast sample, indicating that the phase transformation
process of the deformed sample is much easier than the as-cast sample.
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Figure 5. The activation energies at different phase transformed volume fractions for as-cast and cold
rolled Al0.5CoCrFeNi high-entropy alloys calculated using the KAS method.

3.4. Kinetic Exponent

The kinetic exponent, also called the Avrami exponent, is a key kinetic parameter that can
directly obtain the phase transition mode. The kinetic exponent is generally determined based on the
well-known Johnson–Mehl–Avrami (JMA) model [30], which has the following form:

f = 1 − exp(−Ktn), (3)

where n is the Avrami exponent, K is a rate constant and t is the time. In case of phase transformations
that are carried out at constant heating rate, the time can be expressed as [31]:

t − t0 =
T − T0

∅
, (4)

where T0 and t are the starting temperature and time of phase transition. Then, the kinetic exponent
can be obtained by some mathematical treatment of Equations (3) and (4), which can be expressed as:

n = − ln(− ln(1 − f ))
E

RT
. (5)

Based on Equation (5), we can determine the kinetic expoent n from the slope of ln(−ln(1 − f )) vs.
1/T curve.

For a real phase transformation, n will change with the transformed volume fraction. A simple
derivative equation of Equation (5) can determine the Avrami exponent as variables, which has been
used in many previous published papers [31–33]. In this case, n is called local Avrami exponent, which
can be described as:

n = −∂ ln(− ln(1 − f ))
∂ E

RT
. (6)

By taken the activation energy at a different transformed volume fraction using Equation (2),
Avrami exponent n can be calculated by the differential of the curve of E/RT − ln[− ln(1 − f)]. Figure 6
represents the kinetic exponent at different transformed volume fractions at the heating rate 10 K/min
for the as-cast and CR sample. According to Figure 6, two important pieces of information can be
drawn. First, both of the as-cast and deformed samples show three typical stages of transformation: (I)
rapid decrease of the kinetic exponent when f < 5%, indicating that the nucleation rate of the sample
is decreasing at the beginning; (II) slow decrease of the kinetic exponent from 4 to 1.5 during 9% <
f < 95%, indicating the decreasing nucleation rate, and the growth mode of the nuclei changes from
interface controlled to diffusion controlled; (III) strong increase of the kinetic exponent when f > 95%,
an indication that some new inhomogeneous nucleation occurs inside the sample. Second the kinetic
exponent, n, is higher for the sample pre-deformed than the as-cast sample. This means that the
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nucleation rate of the deformed sample is much higher and the growth of the nuclei is much easier
than the as-cast sample.

Figure 6. Variation of n with phase transformed fraction for as-cast and deformed Al0.5CoCrFeNi
high-entropy alloy at the heating rate of 10 K/min.

3.5. Discussion

For the deformed sample like cold rolling, normally, there will be an anisotropic effect due to
the stress state during deformation are different at different directions. For the cold rolled sample,
the rolling direction (RD) and the transverse direction (TD) always owns different textures, stress
and properties. For the above results, all of the analysis is based on the sample that is taken from the
RD direction. Figure 7 shows the thermal expansion curves that are both taken from the RD and TD
direction of a 20% CR sample. According to the figure, it can be seen that the rolling direction has
quite a limited effect on the thermal expansion behavior. The reason may be due to the fact that a
20% reduction is not large enough to generate a big difference, and it can also be found from Figure 1
that the CR sample has a similar microstructure as the as-cast sample. Large differences can be made
evident at much larger CR reduction thickness, and the grain will be severely deformed and elongated
along the rolling direction [12]. In this case, the thermal expansion behavior could be different for
different directions. Thus, it can be concluded that there is no typical anisotropic effect in the 20% CR
sample, and, during the solid state phase transformation process, the nucleation and growth process
can be treated as homogeneous.

Figure 7. The thermal expansion curves of the samples taken from the rolling direction (RD) and
transverse direction (TD) for 20% cold rolled Al0.5CoCrFeNi high-entropy alloy measured at the
heating rate of 10 K/min.

There is not much difference for the microstructure (Figure 1) and phases (Figure 2) between
the as-cast and deformed sample; however, according to the f –T curve, activation energy and kinetic
exponent, there is a large difference. The microstructure of AlxCoCrFeNi (0 ≤ x ≤ 2) HEAs has
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been intensively investigated in different heat treatment conditions [17–25]. Different from the
thermo-mechanical processing that can affect the transformation pathways in Al0.3CoCrFeNi [34],
20% cold rolling cannot alter the phase transition product [12]. Thus, the microstructure and phases
exhibit no difference as shown in Figures 1 and 2. However, the deformed sample shows a much faster
transformation rate, much lower activation energy and much larger kinetic exponents, an indication of
a large different for the transformation kinetics. Figure 8 exhibits the tensile stress–strain curves of
Al0.5CoCrFeNi HEAs at as-cast and 20% CR conditions. There exists a large difference: the deformed
sample shows a much larger stress but lower plasticity. The yield stress increased from 402 MPa
(as-cast sample) to 755 MPa (CR sample), while the strain decreased from 33.7% (as-cast sample)
to 6.2% (CR sample), indicating a strong strain-hardening effect of the cold rolling. In the present
study, due to the small reduction rate of the CR, there is not much difference in the macroscopic
microstructure; however, 20% CR is enough to generate a large crystal lattice distortion, and many
crystal defects, like vacancy, dislocation and substructure inside the grain. Then, the deformed sample
stored a large quantity of energy, which is beneficial for the phase transition during the continuous
heating. Thus, because of all the above factors that are generated by cold rolling, the deformed sample
shows a much higher transformation rate since all the defects and stored energy inside the sample can
promote the nucleation rate and grain growth speed.

Figure 8. The engineering stress–strain curves of Al0.5CoCrFeNi high-entropy alloys at as-cast and
20% CR conditions.

4. Conclusions

The effects of cold rolling on the phase transformation kinetics of an Al0.5CoCrFeNi high-entropy
alloy are studied by the thermal expansion method. The transformed volume fraction–temperature
curves of as-cast and 20% cold rolling Al0.5CoCrFeNi high-entropy alloys are determined by the lever
rule method using thermal expansion curves. Using the KAS method, the mean activation energy
for as-cast and deformed HEAs calculated are 181 kJ/mol and 159 kJ/mol, respectively. The kinetic
exponent is determined using the local Avrami exponent method based on the JMA equation. Both
as-cast and deformed samples show the three stages of kinetic exponent variations, and the deformed
alloy shows a much larger value compared with the as-cast alloy, indicating a much higher nucleation
and growth rate. The reason for the kinetic exponent variations are thought to be related with the
deformation induced strain and defects inside the sample that can generate a much higher energy that
favors the nucleation and growth process.
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Abstract: In this study, new high-entropy alloys (HEAs), which contain lightweight elements,
namely Al and Ti, have been designed for intermediate temperature applications. Cr, Mo, and V were
selected as the elements for the Al-Ti-containing HEAs by elemental screening using their binary
phase diagrams. AlCrMoTi and AlCrMoTiV HEAs are confirmed as solid solutions with minor
ordered B2 phases and have superb specific hardness when compared to that of commercial alloys.
The present work demonstrates the desirable possibility for substitution of traditional materials that
are applied at intermediate temperature to Al-Ti-containing lightweight HEAs.

Keywords: high-entropy alloys; alloys design; lightweight alloys

1. Introduction

Recently, high-entropy alloys (HEAs) have attracted considerable attention because of their
extraordinary properties [1–10], and numerous HEAs have been reported with various compositions [1–10].
Three major HEAs are CoCrFeMnNi alloy which has potential applications in cryogenic environments [5,6],
refractory VNbMoTaW alloy for high-temperature structural applications [7,8], and AlCoCrFeNi alloy
which maintains high strength up to intermediate temperatures [9,10]. AlCoCrFeNi HEA is relatively
lightweight and has excellent specific strength around intermediate temperatures. It is a possible
alternative for Ti alloys or wrought superalloys such as Inconel 718 [9,10]. Additional weight reduction
can improve the competitiveness of the lightweight HEAs; therefore, we attempted to develop new
HEAs that contain lightweight elements, namely Al and Ti.

Most HEAs are developed by a trial-and-error approach based on the effects such as mixing
enthalpy and valence electron concentration (VEC) [11,12]. This conventional method is not
effective when developing HEAs with a new combination of elements among numerous possibilities.
The CALPHAD (Computer Coupling of Phase Diagrams and Thermochemistry) approach may be the
best way for designing new HEAs because of its capability in predicting the phase stability [13–16].
However, the application of CALPHAD to the design of new HEAs is challenging because of the lack
of a reliable thermodynamic database to cover the entire composition range [13–15]. F. Zhang et al. [17]
reported a new approach to design new multi-component FCC HEAs by binary phase diagrams.
The FCC single phase formation in the CoCrFeMnNi HEA was predicted using this approach [17].
This method is effective at finding “matching elements” that form a single solid solution and is suitable
for designing novel HEAs.

In this work, we sought to design lightweight HEAs, which contain lightweight elements,
namely Al and Ti, by using binary phase diagrams. Seven HEAs containing Al and Ti were designed
and their mechanical properties were compared with those of commercial alloys.
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Entropy 2018, 20, 355

2. Materials and Methods

The selection of candidate elements was conducted based on their binary phase diagrams.
The details regarding the design of the Al-Ti-containing lightweight HEAs are described in Section 3.1.

The aforementioned Al-Ti-containing lightweight HEAs were fabricated by vacuum plasma arc
melting (PAM) with high-purity elements. The HEA button ingots were re-melted 4 to 5 times in
a melting furnace for the homogenization. The HEA plates were fabricated by vacuum induction
melting using a graphite mold. The microstructures of the HEAs were analyzed by optical microscopy
(OM), FE-SEM (model: SU-6600, HITACHI), and transmission electron microscopy (TEM, model:
Tecnai F20, FEI). The TEM samples were prepared using focused ion beam (FIB). The crystal structure
of the material was examined by X-ray diffraction (XRD) measurements on the as-casted material using
a MXP21VAHF diffractometer with a CuKα radiation source (model: D/Max-2500VL/PC, RIGAKU).
The Vickers hardness tests were carried out using a conventional indenter with a load of 2.94 N for
15 s. A minimum 10 tests were carried out on specimen.

3. Results and Discussion

3.1. Selection of Candidate Elements Based on Their Binary Phase Diagrams

To design lightweight HEAs, we selected Al and Ti as the basic elements owing to their low density.
The key idea of designing new HEAs using their binary phase diagrams is finding elements that mix.
Therefore, the solubility of Al and Ti should be investigated first. Figure 1 shows the Al-Ti phase
diagram [18]. It is very complex, and numerous intermediate ordered phases exist. However, β-Ti (BCC
phase) and α-Ti (HCP phase) appear in the Ti-rich region as a solid solution. These solid solution
regions suggest the possibility of the formation of single solid solution. Therefore, the lightweight
elements, Al and Ti, could be the basic elements for lightweight HEAs.

Figure 1. Al-Ti phase diagram [18]. It has solid solution region within a certain temperature and
composition range that suggest the possibility of the formation of single solid solution.

The design of the Al-Ti-containing HEAs consisted of three steps. In the first step, the candidate
elements were selected from various Ti-X binary phase diagrams wherein “X” represents elements
that form homogeneous solid solution with Ti within a certain temperature range [18]. In the second
step, a second series of candidate elements were selected from various Y-Al binary phase diagrams,
wherein “Y” represents elements that show adequate solubility in Al within a certain composition and
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temperature range. The final step was the selection of the final candidate elements from the X-Y binary
phase diagrams.

From the Ti-X binary phase diagrams, we found 8 candidate elements, Cr, Hf, Mo, Nb, Ta, V,
W, and Zr, in which each had a solid solution region in a certain range [18]. Figure 2 shows the Ti-X
(X = Cr, Hf, Mo, Nb, Ta, V, W, or Zr) binary phase diagrams. All elements had a large area of solid
solution within a certain temperature range, and all the homogeneous solid solution phases had BCC
crystalline structure, indicated in green (Figure 2).

Figure 2. Ti-X phase diagrams where “X” is (a) Cr; (b) Hf; (c) Mo; (d) Nb; (e) Ta; (f) V; (g) W; and (h) Zr [18].
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The next step consisted of finding a second series of candidate elements. Their binary phase
diagrams are shown in the supplementary data (Figure S1). 6 candidate elements, Cr, Hf, Mo, Nb, V,
and Zr, were chosen from the Y-Al binary phase diagrams. These elements are not form solid solution
in all composition ranges, although the solid solutions contain Y’s own crystalline structure (BCC)
at a certain temperature and composition range. Among the 6 candidates, Nb and Zr were removed
because they form solid solution in very restricted range.

From the first and second steps, Cr, Hf, Mo, and V were selected. To select the final candidate
elements, the binary phase diagrams between these elements were investigated. Hf-Cr, Hf-Mo,
and Hf-V showed complex phase diagrams, which could have possibly formed some intermediate
ordered phases (supplementary data, Figure S2). Therefore, Cr, Mo, and V were selected as the
elements for the Al-Ti-containing HEAs.

3.2. Microstructure of the Al-Ti-Containing HEAs

Ternary, quaternary, and quinary HEAs were designed by adding the selected elements to Al-Ti.
Seven HEAs, numbered #1 to #7, were fabricated and their compositions are detailed in Table 1. The XRD
profiles of the Al-Ti-containing HEAs are shown in Figure 3. The AlCrMoTi (#4) and AlCrMoTiV (#7) had
a single BCC structure, and ordered BCC peaks appeared for the other HEAs.

Table 1. Valence electron concentration (VEC), atomic size difference (δ), and enthalpy of mixing
(ΔHmix) of designed HEAs.

Alloys VEC δ (%) ΔHmix (kJ/mol)

#1 AlCrTi 4.33 5.49 −20.96
#2 AlMoTi 4.33 1.77 −17.44
#3 AlTiV 4.00 3.42 −21.33
#4 AlCrMoTi 4.75 4.76 −14.00
#5 AlCrTiV 4.50 5.03 −16.75
#6 AlMoTiV 4.50 3.02 −14.25
#7 AlCrMoTiV 4.80 4.51 −12.16

Figure 3. The XRD patterns of Al-Ti-containing HEAs.
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The microstructures of AlCrMoTi (#4) and AlCrMoTiV (#7) which had a single BCC structure,
are shown in Figure 4a,b. Both showed a dendritic morphology, and the dendritic growth was
suppressed by the addition of V. The TEM analysis was performed for AlCrMoTiV (#7), and the
results are shown in Figure 4c,d. Figure 4c is bright field image of AlCrMoTiV (#7) and Figure 4d
is the diffraction pattern taken from [001]B2/BCC zone axis of Figure 4c. Although the XRD results
demonstrate that it is a single BCC structure, diffraction pattern reveals (100) superlattice reflections
marked with red-dotted circle that indicate an ordered B2 phase. Nano-scale B2 phases were observed;
however, it was not detected by the XRD owing to their small fraction and size. Because AlCrMoTiV
(#7) contained minor ordered precipitates, it could be defined as an ordered solid solution [19].

Figure 4. Microstructures of (a) AlCrMoTi and (b) AlCrMoTiV. Both have dendritic morphology.
(c) bright field image and (d) diffraction pattern of AlCrMoTiV.

One of the physical properties of HEAs is the high-entropy effect [20]. The solid solution is
stabilized because of the high configurational entropy [20,21], and this effect increases with an increased
number of elements [20]. This trend can be observed in our work. As the number of elements
increased from ternary to quinary, the phases progressively became simpler. The high-entropy effect
is dominant at high temperatures according to G = H − TS, where G is Gibbs free energy, H is
enthalpy, T is temperature, and S is entropy [20,21]. Thus, this HEA can exist as a solid solution at
elevated temperatures, even though a small fraction of the B2 phase existed in an as-cast state at
room temperature.
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3.3. Application of Empirical Parameters

The empirical parameters for the HEAs originated from the classic Hume-Rothery rules [22,23].
Guo et al. [24] reported that −22 ≤ ΔHmix ≤ 7 kJ/mol, and δ ≤ 8.5% are required for the sole simple
phases (i.e., FCC, BCC, and their mixtures, including both ordered/disordered cases). Zhang et al. [19]
proposed −15 ≤ ΔHmix ≤ 5 kJ/mol and δ ≤ 6.5%, whereas Yang et al. [12] proposed δ ≤ 6.6%.
In the case of VEC, 8 < VEC and VEC < 6.87 were suggested for the single FCC and BCC structures,
respectively [20]. These parameters were statistically determined; therefore, there are differences and
exceptions depending on the work [12,19,22,25].

The empirical parameters, valence electron concentration (VEC), atomic size difference (δ),
and enthalpy of mixing (ΔHmix) of the designed HEAs were calculated and are shown in Table 1
and Figure 5 [22]. The VEC and δ values satisfied the existing criteria. However, the ΔHmix values
were positioned relatively below the alloys which form solid solutions (Figure 5b). All the HEAs satisfy
Guo’s criterion although only AlCrMoTi (#4), AlMoTiV (#6), and AlCrMoTiV (#7) satisfy Zhang’s
criterion. The microstructural analysis demonstrates that AlCrMoTi (#4) and AlCrMoTiV (#7) are
ordered solid solutions; the empirical parameters of HEAs in present work agree with previous
research and support the idea that using the binary phase diagrams can be a solution to screen the
proper candidate elements for the design of novel HEAs.

Figure 5. (a) VEC and (b) δ − ΔHmix plot of Al-Ti-containing HEAs. Yellow colored regions highlight
Zhang’s criterion [19] for single phase to form.

3.4. Specific Hardness of the Al-Ti-Containing HEAs

It has been reported that HEAs have a severe lattice distortion owing to the atomic size differences
of elements, which induces solid solution strengthening [25]. Figure 6 shows the relationship between
the hardness and δ. The hardness varied across the δ values. Moreover, Figure 6b clearly shows the
hardness variation with the addition of Cr, Mo, and V. The hardness increased remarkably with the
addition of Cr. The atomic radius of Cr is 1.25 Å which is quite different than the others [24]; this causes
further severe lattice distortion.

The hardness of the AlCrMoTi (#4) and AlCrMoTiV (#7) solid solutions were compared with
that of other HEAs and commercial alloys and is summarized in Table 2 [26–31]. The hardness of
the AlCrMoTi (#4) and AlCrMoTiV (#7) were 606 ± 11 and 556 ± 25 HV, respectively. These values
are 17% and 7% higher than that of the AlCoCrFeNi HEA, which is representative of HEAs for
intermediate temperature applications [9]. The theoretical densities are also lower than that of the
AlCoCrFeNi HEA, so the specific hardnesses were 30% and 19% higher than that of the AlCoCrFeNi
HEA. Furthermore, the specific hardness of the HEAs in the present work are considerably higher
than that of competitive conventional alloy systems. The AlCrMoTi (#4) showed a 29% improved
specific hardness when compared with that of Ti-6Al-4V alloy, which is an alloy that is commonly
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used for intermediate temperature applications. It is expected that a great improvement in the
hardness can accomplish the weight lightening through the gage reduction of machineries despite
their higher density when compared to that of the Ti-6Al-4V alloy. Further research on the fine-tuning
of the elemental composition for lighter and cheaper alloys as well as a detailed microstructural and
high-temperature property analysis could open a new path toward lightweight HEAs for intermediate
temperature applications.

Figure 6. (a) Relationship between the hardness and atomic size difference; (b) hardness variation with
the Cr, Mo, and V addition to ternary HEAs. The hardness increases remarkably with the Cr addition.

Table 2. Comparison of specific hardness of HEAs with other alloys.

Alloys Hardness (HV) Theoretical Density (g/cm3) Specific Hardness (HV/g/cm3)

AlCrMoTi (#4) 606 6.01 100.83
AlCrMoTiV (#7) 556 6.00 92.67
AlCoCrFeNi [26] 520 6.70 77.61

AlCoCrCuFeNi [27] 400 7.02 56.98
Al0.5CoCrCuFeNiV [28] 640 7.27 88.03

Ti-6Al-4V [29] 346 4.43 78.10
Ti-6242 [30] 339 4.54 74.67

Inconel 718 [31] 355 8.18 43.40

4. Conclusions

In summary, HEAs which contained Al and Ti were designed based on their binary phase
diagrams. This approach is powerful for screening candidate elements for novel HEAs. The candidate
elements that were selected formed a solid solution within a certain temperature and composition range.
The high-entropy effect is enhanced with an increased number of elements; therefore, the AlCrMoTi
and AlCrMoTiV HEAs are verified to be solid solutions with a minor ordered B2 phase. These HEAs
have a superb specific hardness when compared to that of Ti-6Al-4V and Inconel 718 alloys and
show promise as future substitutes for Ti alloys for intermediate temperature structural applications.
Furthermore, fine-tuning of the elemental composition of HEAs can lead to the development of novel
light-weight HEAs.

Supplementary Materials: The following are available online at http://www.mdpi.com/1099-4300/20/5/355/s1,
Figure S1: Y-Al phase diagrams where “Y” is (a) Cr, (b) Hf, (c) Mo, (d) Nb, (e) V, and (f) Zr [18]. Figure S2: (a) Hf-Cr,
(b) Cr-Mo, (c) Cr-V, (d) Hf-Mo, (e) Hf-V, and (f) Mo-V binary phase diagrams [18]. Cr, Mo, and V were selected
which have simple phase diagrams.
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Abstract: Recently, high-entropy alloy thin films (HEATFs) with nanocrystalline structures and
high hardness were developed by magnetron sputtering technique and have exciting potential
to make small structure devices and precision instruments with sizes ranging from nanometers
to micrometers. However, the strength and deformation mechanisms are still unclear. In this
work, nanocrystalline Al0.3CoCrFeNi HEATFs with a thickness of ~4 μm were prepared. The
microstructures of the thin films were comprehensively characterized, and the mechanical properties
were systematically studied. It was found that the thin film was smooth, with a roughness of less than
5 nm. The chemical composition of the high entropy alloy thin film was homogeneous with a main
single face-centered cubic (FCC) structure. Furthermore, it was observed that the hardness and the
yield strength of the high-entropy alloy thin film was about three times that of the bulk samples, and
the plastic deformation was inhomogeneous. Our results could provide an in-depth understanding
of the mechanics and deformation mechanism for future design of nanocrystalline HEATFs with
desired properties.

Keywords: high-entropy alloys; thin films; hardness; deformation behaviors; nanocrystalline

1. Introduction

It is well known that among all the alloy composition design systems, high-entropy alloys (HEAs)
are a brand-new concept based on novel multi-component system composition designs. They contain
at least four or five principal metal components and simply form a single face-centered cubic (FCC),
body-centered cubic (BCC) or hexagonal close-packed (HCP) phase [1–6]. This novel concept is an
important breakthrough of the past 25 years [7,8], as it is completely different from the traditional alloy
design concepts in which one major component was selected, and other minor components were added
to improve their related physical and chemical performances. It is worth mentioning that HEAs not
only have simple phase structures, but also possess many excellent mechanical and physical properties,
such as high tensile strength [9–11], good ductility at ambient and cryogenic temperatures [12,13],
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superior wear and fatigue resistance [14], and strong radiation tolerance [15,16]. These unique features
qualify HEAs as potential engineering materials to meet the demanding requirements for complex and
harsh environment applications, particularly in the turbine, aerospace, and nuclear industries [17–21].
However, the chemical composition of HEAs contains multiple elements which would naturally raise
the cost for industrial application, and limit HEAs extensive development. As a consequence, to reduce
the cost for future industrial applications and take full advantage of the above excellent comprehensive
properties, HEA thin films (HEATFs) can be efficiently prepared and simultaneously coated on the
surface of industrial components, especially for those complex geometry components. In these cases,
the HEATFs will play an important role. The initial research of HEATFs is associated with the recent
rapid development of HEAs and the high throughput preparation idea [22–26]. As the geometric
size and microstructures of the thin films are different from the three-dimensional bulk samples, their
performances under loading and service conditions could be completely different [27,28]. So far,
HEATFs were verified to have remarkable effects on the hardness [24]. A series work on HEATFs was
done not only on the high throughput fabrication but also on the mechanical properties, including the
hardness and corrosion properties [29–36]. The previous work has greatly promoted the industrial
application of HEATFs. Unfortunately, the related deformation behaviors have not been clearly
revealed until now. To facilitate the use of HEATFs and provide a continuous coating technique, the
deformation behaviors and reliability of HEATFs merit further investigation. Therefore, in this study
we prepared the Al0.3CoCrFeNi HEATFs with a main simple FCC structure by magnetron sputtering,
and fabricated nano-scaled pillars on the surface of the thin film by focus ion beams (FIBs), then
utilized in situ scanning electron microscopy (SEM) compression to study the deformation behaviors
of the HEATFs.

2. Materials and Methods

The target with a composition of Al0.3CoCrFeNi was prepared by metallurgy with high-purity
(>99.99%) raw metal materials of aluminum, cobalt, chromium, iron, and nickel. The size of the target
is φ76.2 × 3.175 mm. The Al0.3CoCrFeNi HEATFs were deposited on silicon wafer substrates by
magnetron sputtering. Before putting the target in the vacuum chamber, it was cleaned by argon
ion bombardment for about 2 min to remove the oxide or contaminants on the surface. To ensure
a uniform deposition a rotation speed of the silicon wafer substrate was set at 2 rpm. The surface
roughness of the as-deposited HEATFs was determined by white light interferometry (WLI) using
Wyko NT9300 Surface Profiler (Veeco Instruments, Plainview, NY, USA), while the surface morphology
and detail nanostructures were characterized by scanning electron microscopy (SEM) and atomic
force microscopy (AFM) (Bruker Dimension IconTM, Billerica, MA, USA) with ScanAsyst (Bruker
Dimension IconTM, Billerica, MA, USA) at room temperature. To investigate the phase structure of the
as-deposited HEATFs, high-energy synchrotron radiation X-ray in transmission mode at 11-ID-C of
Advanced Photon Source (APS) was used. The X-ray beam wavelength was 0.117418 Å. The detail
microstructures of the as-deposited HEATFs were observed by high-resolution transmission electron
microscopy (HRTEM) using a JEOL JEM-2100F instrument (JEOL, Akishima, Tokyo, Japan) operated
at 200 kV. The chemical composition was analyzed by the energy dispersive X-ray spectrometer
(EDS) equipped in the transmission electron microscopy (TEM). Nanoindentation experiments were
performed using a Hysitron TI750 nanoindenter (Hysitron, Inc., Minneapolis, MN, USA) with a
Berkovich tip. To avoid any potential effects of the substrate on the experiment, the indentation depth
was kept to be less than 10% of the whole thickness of the HEATFs. Micropillars were fabricated out of
the Al0.3CoCrFeNi HEAHFs by using a FEI Scios focused ion beam (FIB) (USA) (Thermo Scientific™,
Hillsboro, OR, USA) at 30 kV/10pA as the final etching condition. The height of the nanopillars was
kept to be less than the thickness of the Al0.3CoCrFeNi HEATFs. The in situ SEM compression tests
were conducted at room temperature using a PI 85 PicoIndenter (Hysitron Inc.) with a flat punch
diamond tip inside a FEI Quanta 450 FEG (USA) (Thermo Scientific™, Hillsboro, OR, USA), under
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displacement-control mode and at a strain rate of around 5×10-3 s-1. Raw load-displacement data
were used to calculate the engineering stress and strain.

3. Results and Discussion

Figure 1a,b show the two-dimensional (2D) and the three-dimensional (3D) surface roughness and
profiles of the as-deposited Al0.3CoCrFeNi HEATFs, respectively, and Figure 1c,d show the X-profile
and Y-profile of the corresponding positions selected on the HEATFs as marked in Figure 1a. It can be
clearly seen that there are fine undulating nanostructures on the surface of the Al0.3CoCrFeNi HEATFs
prepared by the magnetron sputtering deposition technique; however, the entire surface is very flat
and smooth, with a roughness Ra of less than 3.5 nm.

Figure 1. Surface profiles of the Al0.3CoCrFeNi high-entropy alloy thin films (HEATFs) characterized
by white light interferometry (WLI) technique. (a) 2D surface profiles, (b) 3D surface profiles, (c,d): the
profiles of the x-axis and y-axis as marked in (a) respectively.

The SEM surface morphology and the specific fine nanostructures of the as-deposited
Al0.3CoCrFeNi HEATFs with a magnification of 50,000 times are shown in Figure 2a. It demonstrates
that these fine nanostructures are well-knit and compact. The thickness of the HEATFs is about 4 μm,
as shown in Figure 2b. To characterize the feature of the HEATFs in more detail, AFM scanning
experiments were further conducted. Figure 2c,d show the 2D and 3D AFM images of the surface
feature of the Al0.3CoCrFeNi HEATFs. Uniform nanostructures are clearly observed, and the heights
of these undulating nanostructures were less than 5 nm, which is well consistent with that typically
observed by the surface profile. All these experimental data verified that there were a lot of fine
nanostructures on the surface of the Al0.3CoCrFeNi HEATFs, and the surface was very smooth as a
whole, with a roughness Ra of less than 5 nm.

Figure 3a shows the TEM images and the corresponding EDS analysis of the Al0.3CoCrFeNi
HEATFs. It can be seen that there are a lot of nanocrystalline structures in the HEATFs, with a
grain size order of ~10 nm. The elemental distribution of the as-deposited HEATFs is homogenous.
The bright and dark places shown in the TEM-EDS images are ascribed to the uneven sample thickness.

429



Entropy 2019, 21, 146

Quantitative analysis by EDS confirms that the chemical composition is nearly the same as the
composition of the sputtering target, as shown in Table 1.

Figure 2. Surface morphologies and microstructures of the Al0.3CoCrFeNi HEATFs characterized in
detail by scanning electron microscopy (SEM) and atomic force microscopy (AFM). (a) The SEM image
of the surface morphologies, (b) the cross-section the HEATFs deposited on the silicon substrate, (c) the
AFM image of the surface structure, and (d) 3D surface structures of the HEATFs.

Figure 3. Element distribution mapping for the Al0.3CoCrFeNi HEATFs by TEM-EDS. The top TEM
image shows the region analyzed. (a) Explanations for subfigure a; (b) explanations for subfigure
b; (c) explanations for subfigure c; (d) explanations for subfigure d; (e) explanations for subfigure e;
(f) explanations for subfigure f.
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Table 1. The chemical composition of the as-deposited Al0.3CoCrFeNi HEATFs compared with that of
the sputtering target.

Elements (at. %) Al Co Cr Fe Ni

Nominal target 6.977 23.256 23.256 23.256 23.256
As-deposited HEATFs 6.452 23.436 24.602 23.623 21.887

To obtain the phase structural information of the Al0.3CoCrFeNi HEATFs, high-energy
synchrotron radiation X-ray studies were undertaken. Figure 4a shows the X-ray line profiles of
the HEATFs. The (111), (200), (220), and (311) phase peaks were observed and identified to be a typical
FCC crystalline structure, whilst a small peak appeared before the (111) peak, which means that a
minor ordered BCC NiAl type phase structure was in the HEATFs [37]. The corresponding diffraction
patterns are exhibited in Figure 4b. The weak continuous rings certify that there are tiny polycrystalline
structures in the HEATFs. Interestingly, the diffraction rings of the HEATFs were discrete, with obvious
intensity differences, indicating that there were strong textures in the HEATFs. This event could be
ascribed to the preferred growth of the thin film induced by the silicon substrate. It should be noted
that a rigorous diffraction-intensity-distribution calculation of the solid solution phases responsible for
certain orientations in the HEATFs is worthy of a focused topic. However, it is beyond the scope of
this work. The synchrotron X-ray experimental results provide cogent evidence that the magnetron
sputtering technique is an effect way to prepare the HEATFs with a simple phase structure. Moreover,
it could also lead to a wide research range of HEAs, studying the corresponding properties from meso-
to nanometer regimes.

Figure 4. Phase structures of the HEATFs by high-energy synchrotron radiation X-ray. (a) synchrotron
X-ray line profiles and (b) typical diffraction pattern.

Figure 5a shows the nanoindentation properties of the as-deposited HEATFs. Since a series of 4
× 4 matrix array indentation points were tested in sequence, the average values of elastic modulus
and hardness were accurately calculated and were identified to be about 186.01 GPa and 11.09 GPa,
respectively. It should be noted that the hardness of the HEATFs is about three times higher than that
of the as-cast bulk Al0.3CoCrFeNi HEA sample, but the elastic modulus is nearly the same [38,39]. This
enhanced hardness can be ascribed to the nanocrystalline strengthening mechanism which induced
the hardening by a large number of grain boundaries observed in Figure 3a. Figure 5b is the typical
nanoindentation load-depth curve of the HEATFs. It can be seen that as the loading force increases, the
depth of the indenter pressed into the film gradually increases. After unloading, an irreversible depth
was retained, indicating a plastic deformation has occurred on the surface of the HEATFs. Figure 5c
exhibits the SEM image of the impression mark. The indentation profiles are self-similar. A remarkable
pile-up (marked with red arrows) around the indentation can be clearly observed, suggesting that high
localized plastic deformation occurred during nanoindentation.
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Figure 5. Nanoindentation properties of the as-deposited Al0.3CoCrFeNi HEATFs. (a) Elastic modulus
and hardness of the HEATFs at different indentation points, (b) typical nano-indentation load–depth
curve, and (c) typical SEM image of the impression mark.

To further characterize the mechanical properties of the Al0.3CoCrFeNi HEATFs, a nanopillar
sample with a diameter of 738 nm was fabricated from the HEATFs, and in situ SEM compression tests
were conducted on the nanopillar sample, as shown in Figure 6. The entire compression deformation
process of the nanopillar can be divided into the following stages. Initially, the nanopillar was
deformed elastically, and no significant trace appeared on the surface of the nanopillar, as shown
in Figure 6a. Secondly, with the increase of the compressive stress, a large localized metal flow and
plastic deformation occurred at the top part of the nanopillar, as marked with a red arrow in Figure 6b.
It indicates that the deformation of the Al0.3CoCrFeNi HEA nanopillar was inhomogeneous. After
that, it can be observed that a slip was generated at the top part of the nanopillar, which was marked
with a red arrow in Figure 6c. The occurrence of the slip is not only related to the plastic deformation,
but also has an impact on the work hardening and the serration behavior of the HEAs [40]. The
corresponding compression engineering stress–strain curve of the Al0.3CoCrFeNi HEA nanopillar is
shown in Figure 6d. The yield strength of the nanopillar is about 1024 MPa, which is also about three
times that of the bulk sample [38]. It is consistent with the above experimental results obtained by
nanoindentation, as the strength is directly proportion with the hardness. After yielding the nanopillar
exhibits work-hardening up to an ultrahigh strength. The compressive strength and corresponding
strain were ~2075 MPa and ~11.39%, respectively. Following this, softening dominates until final
fracture at a strain of ~12.14%. In general, the compression results further confirmed that the yield
strength of the Al0.3CoCrFeNi HEATFs is about three times that of the bulk samples, and the plastic
deformation is inhomogeneous.
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Figure 6. Compression properties for the Al0.3CoCrFeNi pillar with a diameter of 738 nm prepared
from the HEATFs. (a) Elastic deformation stage, (b) localized plastic deformation occurred at the top
of the pillar, (c) a slip generated at the top part of the pillar, (d) a typical compression engineering
stress–strain curve of the pillar.

4. Conclusions

In conclusion, the Al0.3CoCrFeNi HEATFs prepared by the magnetron sputtering technique were
smooth, with a surface roughness Ra of less than ~5 nm. The chemical composition was homogeneous
and amounts of nanocrystallines with a main single FCC phase structure formed in the HEATFs. The
hardness of the HEATFs was ~11.09 GPa, and the yield strength of the nanopillar prepared from
the HEATFs was ~1024 MPa. Both the hardness and the yield strength were about three times that
of the bulk samples. Simultaneously, it was found that the plastic deformation of the HEATFs was
inhomogeneous and localized. The present study could provide useful insights in the design and
application of HEATFs for functional micro- and nano-devices.
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Abstract: In this study, (Al0.5CrFeNiTi0.25)Nx high-entropy films are prepared by a reactive direct
current (DC) magnetron sputtering at different N2 flow rates on silicon wafers. It is found that the
structure of (Al0.5CrFeNiTi0.25)Nx high-entropy films is amorphous, with x = 0. It transforms from
amorphous to a face-centered-cubic (FCC) structure with the increase of nitrogen content, while
the bulk Al0.5CrFeNiTi0.25 counterpart prepared by casting features a body-centered-cubic (BCC)
phase structure. The phase formation can be explained by the atomic size difference (δ). Lacking
nitrogen, δ is approximately 6.4% for the five metal elements, which is relatively large and might
form a BCC or ordered-BCC structure, while the metallic elements in this alloy system all have a
trend to form nitrides like TiN, CrN, AlN, and FeN. Therefore, nitride components are becoming
very similar in size and structure and solve each other easily, thus, an FCC (Al-Cr-Fe-Ni-Ti)N solid
solution forms. The calculated value of δ is approximately 23% for this multicomponent nitride solid
solution. The (Al0.5CrFeNiTi0.25)Nx films achieve a pronounced hardness and a Young’s modulus
of 21.45 GPa and 253.8 GPa, respectively, which is obviously much higher than that of the as-cast
Al0.5CrFeNiTi0.25 bulk alloys.

Keywords: high-entropy films; phase structures; hardness; solid-solution; interstitial phase

1. Introduction

High-entropy films (HEFs) are a brand-new type of alloy film, which has been developed
recently based on the design concept of high-entropy alloys (HEAs) [1]. HEFs can be defined
as multiple-component films with high-entropy mixing. Generally, the HEAs are composed of
multi-principal-elements (at least five elements with five at a % ≤ each element content ≤ 35 at %) [2,3].
HEAs feature higher mixing entropy than traditional alloys and tend to form disorder face-centered
cubic (FCC) and/or body-centered cubic (BCC) phase structures rather than ordered intermetallic
compounds [4–6]. Due to severe lattice distortion and solid solution strengthening, attributable to
the multi-components, the HEAs show many excellent mechanical properties, such as high-strength,
good ductility, and high-wear and corrosion resistances [1]. Based on a similar scientific concept,
HEFs have been designed and investigated gradually and show a great potential for application in
the coating industry [7–12]. To date, many excellent properties of HEFs have been discovered and
studied, such as high-wear resistance [13,14], high-corrosion resistance [15–17], diffusion-barriers
effects [18–20], solar-thermal-conversion effects [10,21], plastic-deformation characteristics [22,23],
thermal stabilities [7,24,25], and soft magnetic properties [26]. However, there are few theories that can
explain the mechanism of the phase formation of the HEFs.
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The phase formation and mechanical properties of (Al0.5CrFeNiTi0.25)Nx high-entropy thin films
with different N2 flow rates are studied in this paper. The phase structures and mechanical properties
of AlxCrFeNiTi0.25 (x: molar ratio, x = 0, 0.25, 0.5, 0.75, and 1.0) bulks have previously been studied
systematically [27]. Herein, the optimal composition of AlxCrFeNiTi0.25 (x = 0.5) alloy is selected as a
magnetron-sputtering target to explore the phase formation mechanism and mechanical properties of
high-entropy thin films. Significantly, the phase structures of high-entropy thin films transform from
amorphous to FCC with the increase of nitrogen content, while the bulk Al0.5CrFeNiTi0.25 alloy attains
BCC phase structure. Phase formation mechanism is explored from both theoretical calculations and
experiments. Concerning high entropy thin films, the ability for solid solution structure formation is
first discussed from the atom radius difference (δ). This study can help to provide new insights into
understanding the phase formation mechanism of multi-component alloy thin film solids with small
atoms such as nitrogen.

2. Materials and Methods

The (Al0.5CrFeNiTi0.25)Nx films were deposited on p-type Si (100) wafers by a direct current (DC)
magnetron sputtering using non-equal atomic ratio Al0.5CrFeNiTi0.25 targets of Φ 60 mm in diameter
and 2 mm in thickness. The alloy target was prepared by arc-melting and the smelting was repeated
at least five times to ensure uniform mixing of components. Prior to deposition, the Si substrates
were cleaned sequentially and rinsed by acetone, alcohol, and distilled water in an ultrasonic bath.
Pre-sputtering was an effective way to remove oxide or contaminants on the surface of the target.
When the base pressure held at 2.0 × 10−4 Pa, high purity argon was injected into the vacuum chamber
and the target was cleaned by argon ion bombardment for 15 min at a power of 100 W. The deposition
of the (Al0.5CrFeNiTi0.25)Nx films were carried out in an Ar + N2 mixed atmosphere under a DC power
of 100 W with a working pressure of 0.5 Pa. The schematic diagram of reactive sputtering is shown in
Figure 1. The metal atoms escaped the surface of the target due to the bombardment of high energy
particles. Due to the nitrogen atmosphere, different metal atoms reacted with N-atoms and were
deposited on the substrates in the end. During the deposition, the total flow rate of Ar + N2 was
maintained at 30 standard cubic centimeters per minute (sccm) and the ratio was N2/(Ar + N2) and
RN2 was controlled at 0, 10%, 20%, 30%, 40%, and 50%, respectively. The work distance between the
substrate and the target was 60 mm and the deposition time was maintained at 60 min. No external
heating or bias was used on the substrate during the deposition process.

Figure 1. The schematic diagram of reactive sputtering.
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The crystal structures of (Al0.5CrFeNiTi0.25)Nx films were analyzed by a glancing-incidence
(1◦) X-ray diffractometer (XRD, BRUKERD8 Discover, Bruker, Karlsruhe, Germany) using the Cu
Kα radiation at a scanning rate of 4◦/min. The scanning step was 0.02◦ with a scanning range of
20◦–90◦. The morphology studies and thickness measurements were carried out using field-emission
scanning electron microscopy (SEM, Auriga Field Emission Scanning Electron Microscope, Carl Zeiss,
Jena, Germany) equipped with an Energy Dispersive X-ray Spectrometer (EDX) operated at 10 kV.
The surface roughness of the coatings were measured by an atomic force microscope (AFM, Veeco
DI-3100, Bruker, Beijing, China). The hardness and modulus of the as-deposited films were tested
at five points for each sample with a nano-indenter using a Berkovich triangular pyramid indenter.
The distance between each indentation was 50 μm. The Poisson’s ratio and Elastic modulus of the
indenter tip were 0.07 and 1.141 × 106 MPa, respectively. Micrographs of indentations were tested by
a laser scanning confocal microscope (LSCM, OLS-4100, Olympus, Tokyo, Japan).

3. Results and Discussion

3.1. Phase Structures

3.1.1. Phase Formation Mechanism Analysis

The XRD patterns of (Al0.5CrFeNiTi0.25)Nx films deposited at different RN2 are evaluated in
Figure 2. An amorphous structure was observed with x = 0. As the N2 flow rate increased, the phase
structures of (Al0.5CrFeNiTi0.25)Nx films showed a tendency to crystallize. Using XRD analysis, thin
films displayed a simple FCC structure and the grains were nanoscale at about 20 nm. The bulk
Al0.5CrFeNiTi0.25 alloys counterpart featured a BCC structure [27]. Due to the high-cooling rate, films
were far from the equilibrium that could be achieved by bulk alloys, which led to the difference in
structure even if they were the same system. Many similar results have been reported for other system
film alloys [16,28–31]. While the metallic elements in this alloy system, which all had trends to form
nitrides like TiN, CrN, AlN, and FeN, had results that showed only a simple FCC structure in an
XRD pattern, rather than a various nitrides phase. It can be inferred that the solid solution occurred
between nitrides in high-entropy thin films. Mutual dissolution between carbides and nitrides has
been reported in many studies. Figure 3 shows the UC-ZrC0.81 pseudo-binary system that showed a
miscibility relationship and the substitutional solid solution structure was formed with the carbides as
solid solution units [32]. The nitrides also obtained similar results, such as Ti-Al-N, Cr-Al-N, Ti-Cr-N
and Ti-Zr-N, Ti-Al-Si-N nitride films [33–37].

Figure 2. X-ray patterns of the (Al0.5CrFeNiTi0.25)Nx films deposited at different RN2.
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Figure 3. The UC-ZrC0.81 pseudo-binary phase diagram. Reproduced with the permission from
Reference [34].

A previous study showed that FCC phases were found to have lower δ, whereas BCC phases
showed higher δ [38]. Regarding (Al0.5CrFeNiTi0.25)Nx with x = 0, δ was approximately 6.4%, which
was relatively large, and might form a BCC or ordered BCC structure. Metallic atoms solved each
other and formed a BCC solid solution structure (Figure 4a). Accompanying the increase in nitrogen,
nitrides formed in (Al0.5CrFeNiTi0.25)Nx and were similar in size and structure. The δ between nitrides
was relatively small, thus an FCC structure might have formed. When RN2 was equal to 10% and 20%,
a low concentration of nitrogen existed in the lattice. However, small amounts of nitrogen cannot
facilitate lattice reconstruction. Thus, it still maintained an amorphous structure, however, with a
higher nitrogen content, the formation of nitrides was promoted that efficiently improved the order of
the lattice. The nitride components were becoming more similar in size and structure and solved each
other easily, thus, an FCC (Al-Cr-Fe-Ni-Ti)Nx solid solution formed, which is shown in Figure 4b,c.

Figure 4. Schematic of lattice structure. (a) Al0.5CrFeNiTi0.25 bulk; (b) (Al0.5CrFeNiTi0.25)Nx films; and
(c) schematic diagram of high-entropy thin film formation.

Figure 5 displays the distribution of component elements of (Al0.5CrFeNiTi0.25)Nx thin films
deposited at RN2 = 50% through EDX, including surface, and line and point scanning. As presented in
each element map in Figure 5a, the distribution of component elements was uniform, which indicates
a segregate-free characteristic. The results of line and point scanning also reflected the same element
distribution characteristics. The internal picture in Figure 5b is the composite surface-scanning of this
region and segregate-free characteristics can be observed. Viewing the comparative analysis of the
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energy spectrum of Point A and Point B in Figure 5c, the distribution of elements was stable and had a
slight fluctuation. Moreover, the lattice constant of the FCC solid solution structure was calculated
by the Prague formula. The FCC solid solution structure with a lattice constant about 4.093 Å was
completely different with nitrides such as TiN, CrN, and so on, which also confirmed the occurrence of
a solid solution.

 

Figure 5. Energy dispersive X-ray spectroscopy of (Al0.5CrFeNiTi0.25)Nx high-entropy thin films
deposited at RN2 = 50%: (a) face-scanning; (b) line-scanning; the insert picture is the composite surface
scanning of this region; and (c) point-scanning.

3.1.2. Solid Solution Formation Ability

Regarding high-entropy alloys, the solid-solution formation ability was estimated by the value of
Ω and δ [39], which were defined as follows:

Ω =
TmΔSmix
|ΔHmix|

δ =

√
n

∑
i=1

ci(1 − ri/r)2

where Tm was the melting temperature of the n-elements alloy, ΔSmix was the mixing-entropy of
an n-element system, ΔHmix was the mixing-enthalpy of an n-element system, ci was the atomic

percentage of the component, ri was the atomic radius, and r =
n
∑

i=1
ciri was the average atomic radius.

Reviewing the previous study, it was concluded that the region where solid-solution structures were
formed was in the range of 1.1 to 229.8 for Ω and 0.8% to 6.6% for δ. The radius of component elements
in (Al0.5CrFeNiTi0.25)Nx are shown in Table 1, and the specific Ω and δ values of (Al0.5CrFeNiTi0.25)Nx

at different N2 flow rates are shown in Table 2.
Concerning (Al-Cr-Fe-Ni-Ti)Nx, the δ was described as a function of nitrogen content, as shown

in Figure 6a. The analytical curve was calculated based on the atomic ratio of the target, which was the
theoretical value. While different deposition yields of component elements can cause fluctuations in
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the atomic ratio, the experimental values were well matched with theoretical values, as shown by the
star points in Figure 6a. To clearly distinguish different phase regions of film alloys in this study, the
nitrogen content was also described as a function of δ in Figure 6b. Regarding Al0.5CrFeNiTi0.25, δ was
about 6.4% located in the SSS zone in Figure 6b, and the BCC solid solution phase structure was stable.
When increasing the nitrogen content, the FCC structure formed in the (Al0.5CrFeNiTi0.25)Nx system.
The calculated value of δ was about 23% for that FCC structure. When the nitrogen content was low,
the amorphous structure was stable and located in the middle region.

(a) (b) 

Figure 6. (a) Analytical curve of δ as a function of nitrogen content in (Al0.5CrFeNiTi0.25)Nx and
(b) analytical curve of nitrogen content as a function of δ in (Al0.5CrFeNiTi0.25)Nx films (12% according
to Inoue Principle, 15% and 59% according to the Hume–Rothery Rule).

Table 1. The radius of component elelments in (Al0.5CrFeNiTi0.25)Nx films.

Element N Al Ti Cr Fe Ni

Radius (nm) 0.071 0.1434 0.1445 0.1249 0.1241 0.1246

Table 2. The nitrogen content, Ω value, δ value, and the roughness of films at different RN2.

RN2 (%) 0 10 20 30 40 50

Nitrogen Content (at %) 0 5.94 10.97 25.10 29.55 32.21
Ω 1.60 1.31 0.44 0.23 0.20 0.19
δ 6.39% 13.14% 16.43% 22.97% 24.45% 25.21%

Ra (nm) 1.375 1.574 3.780 4.542 4.490 5.574

3.2. Deposition Rates

Figure 7 presents the deposition rate of (Al0.5CrFeNiTi0.25)Nx as a function of RN2 and the exact
value of thickness is shown in the internal table. Following the addition of nitrogen, the deposition
rate of films was significantly reduced by about 30%. During the deposition, the total flow rate of Ar
+ N2 was maintained at 30 sccm. Thus, the density of argon decreased gradually with the increase
of N2 flow rate and resulted in a lower efficiency of argon-ion bombardment of the target. Under
higher RN2, the deposition rate continued to slow and maintain a lower sputtering yield. Added to the
effect caused by low argon gas density, the ceramicization of the target surface was also an important
factor. This was mainly due to the N-containing layer that formed on the target surface, which reduced
the conductivity of the target and resulted in a low sputtering yield. This phenomena was “target
poisoning” [40,41].
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Figure 7. Deposition rates of (Al0.5CrFeNiTi0.25)Nx films at different RN2.

3.3. Surface Morphologies

The AFM images and SEM micrographs of the (Al0.5CrFeNiTi0.25)Nx films at different RN2 are
shown in Figure 9. Initially, a very dense and smooth surface with low surface roughness was obtained.
Looking at SEM micrographs, it was observed that a small amount of nanostructure precipitation
occurred as the RN2 increased to 10%. When the N2 flow rate increased, the number and particle size of
the nanostructures were increased significantly. Viewing the AFM images, many needle nanostructures
were also observed in the high-entropy thin films. Additionally, the roughness of films was measured
by AFM. The value of Ra gradually became larger and the exact value of surface roughness at different
RN2 is shown in Table 2. The heights of the needle structure in all the HEFs were less than 60 nm,
which was consistent with the results since the as-deposited HEFs were smooth and homogeneous, as
shown in SEM micrographs.

The surface nanostructures displayed by AFM images were different from each other and the size
of the needle structures became larger with the increase of RN2. These nano-scaled needle structures
were related to the structure zone models, which had a great impact on the microstructural evolution
of thin film. Initially, as RN2 was low, the growth of the HEFs effect by nitrogen ions was limited. The
nucleation barrier was generally expected to be small, which contributed to the formation of randomly
oriented islands for films deposited on the silicon substrates without substrate heating. Accompanying
the increase of RN2, a strong driving force was obtained, which facilitated the surface atom diffusion
and grain boundary motion. To achieve a stable state, the overall surface and interface energy were
minimized through forming the new islands. Islands with lower energy consumed the others. Thus,
the roughness of the HEFs increased gradually with the increase of RN2.

3.4. Mechanical Properties

Figure 8a displays the hardness and Young’s modulus of (Al0.5CrFeNiTi0.25)Nx films as a function
of the N2 flow rate. Through the increase of the nitrogen content, the hardness and Young’s
modulus of the films showed a significant upward trend. The high-entropy thin films showed
the highest hardness and Young’s modulus at 21.78 GPa and 253.8 GPa, respectively. Compared
with the bulk Al0.5CrFeNiTi0.25 alloys (the value of hardness was about 6 GPa), the hardness of
the (Al0.5CrFeNiTi0.25)Nx HEFs was improved significantly. Considering the load-depth curves of
Figure 8b, the manifest and precise change of the hardness and Young’s modulus of the HEFs was
obtained. When the probe depressed into the same depth, a larger force was required with the increase
of the RN2. This was attributed to the fact that solid solution significantly increased the hardness. It is
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well known that solid solution strengthening increases the yield strength of the material by increasing
the stress τ to move dislocations [42]:

Δτ = Gbε3/2√c

where c was the concentration of the solute atoms, G was the shear modulus, b was the magnitude of
the Burger’s vector, and ε is the lattice strain due to the solute. While increasing the N2 flow rates, the
parameters c and ε were increased correspondingly, which resulted in a higher τ value. Thus, the effect
of solid-solution strengthening was enhanced gradually with the increase of RN2. When the RN2 = 40%
and 50%, the nitrogen content in films increased slowly. The difference in nitrogen content was only
2.66%, as shown in Table 2. The mechanical properties of the HEFs became stable.

Figure 8. Mechanical properties of (Al0.5CrFeNiTi0.25)Nx films deposited at different RN2. (a) Hardness
and modulus and (b) load-depth curve.

4. Discussion

It is well known that the solid solutions can be divided into three types: Substitutional solid
solutions; interstitial solid solutions; and vacancy solid solutions. Hume–Rothery rules are a set of
basic rules that describe the formation of substitutional and interstitial solid solutions. Regarding a
substitutional solid solution, the atomic radius of the solute and solvent atoms must differ by no more
than 15%, while solute atoms should have a radius no larger than 59% of the radius of the solvent
atoms for an interstitial solid solution [43]. However, the non-metallic elements, such as H, B, C, and
N, having a very small atomic radius can form compounds with metal elements. When the ratio of a
non-metal atom radius to a metal atom radius (Rx/RM) is less than 0.59, the compounds have a simple
structure such as M4X, M2X, MX, MX2, which is called an interstitial phase. When Rx/RM > 0.59,
the compounds have a complex structure such as Fe3C, thus, there is a interstitial compound [44].
Regarding (Al0.5CrFeNiTi0.25)Nx, the metallic elements all satisfy the formation rule for an interstitial
phase and different nitrides with simple structures can be formed. The metallic elements will tend to
be ionic and the ionic radius might well reflect the actual particle. Since most of the elements in this
alloy system are transitional metals, their ionic radii are very close to each other. Nitride components
are becoming more similar in size and structure and solve each other easily. Thus, the FCC structured
phase is formed in (Al0.5CrFeNiTi0.25)Nx.

The correlation between the composition, processing, microstructures, and the properties of
high-entropy thin films can be summarized systematically and is shown in Figure 10. First, the films
are prepared by a magnetron sputtering technique and different N2 flow rates are selected to adjust the
composition as well as to change the microstructures. This finds that the nitrogen content in the thin
films increases gradually with the increase of the nitrogen content and the structure of films transform
from amorphous to FCC. Second, it is further found that the mechanical properties (hardness/Young’s
modulus) of the high-entropy crystalline films are much better than the high-entropy amorphous
films. All told, there is an increasing trend of hardness with higher nitrogen for the high-entropy thin
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films. Third, due to the difference in the preparation process, the phase structure and the properties
of the films are different from the bulk samples, although they are in the same composition system.
This study can help enrich the cognition between composition processing, microstructures, and the
properties for high-entropy materials, especially for high-entropy thin films.

Figure 9. AFM images and SEM micrographs of (Al0.5CrFeNiTi0.25)Nx films at different RN2.

 

Figure 10. Relationship between composition, processing, properties, and the structures of
high-entropy films.

5. Conclusions

The (Al0.5CrFeNiTi0.25)Nx high-entropy thin films were deposited on silicon wafers through
magnetron sputtering without substrate bias and heating. It was found that the phase structures of the
HEFs transformed from an amorphous to an FCC structure with the increase in nitrogen content—the
formation of a nitride solid solution was the main reason. Using the XRD analysis, the grain size was
nanoscale at about 20 nm. The formation ability of the solid solution phase for the Al-Cr-Fe-Ni-Ti-N
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system film alloys was discussed regarding δ. When the value of δ was higher than 23%, the
solid solution structures were stable in (Al0.5CrFeNiTi0.25)Nx thin films. The (Al0.5CrFeNiTi0.25)Nx

HEFs deposited at RN2 = 40% and 50% yielded a maximum hardness and modulus of 21.78 GPa
and 253.8 GPa, respectively, which is much higher than the as-cast Al0.5CrFeNiTi0.25 bulk alloys.
The enhancement in hardness was mainly attributed to solid-solution strengthening and the lattice
distortion. Additionally, smaller grain-size was a beneficial factor for increasing hardness.
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Abstract: A series of (AlCrTiZrV)-Six-N films with different silicon contents were deposited on
monocrystalline silicon substrates by direct-current (DC) magnetron sputtering. The films were
characterized by the X-ray diffractometry (XRD), scanning electron microscopy (SEM), high-resolution
transmission electron microscopy (HRTEM), and nano-indentation techniques. The effects of the
silicon content on the microstructures and mechanical properties of the films were investigated.
The experimental results show that the (AlCrTiZrV)N films grow in columnar grains and present a
(200) preferential growth orientation. The addition of the silicon element leads to the disappearance
of the (200) peak, and the grain refinement of the (AlCrTiZrV)-Six-N films. Meanwhile, the reticular
amorphous phase is formed, thus developing the nanocomposite structure with the nanocrystalline
structures encapsulated by the amorphous phase. With the increase of the silicon content,
the mechanical properties first increase and then decrease. The maximal hardness and modulus of the
film reach 34.3 GPa and 301.5 GPa, respectively, with the silicon content (x) of 8% (volume percent).
The strengthening effect of the (AlCrTiZrV)-Six-N film can be mainly attributed to the formation of
the nanocomposite structure.

Keywords: (AlCrTiZrV)-Six-N films; microstructure; mechanical property; nanocomposite structure

1. Introduction

Hard coating tools are the fastest developing new techniques and have become the symbol of
modern cutting tools. Among them, the most widely-used coatings are binary and ternary systems
of traditional metal nitrides or oxides coatings, such as titanium nitrides (TiN), chromium nitrides
(CrN), etc. [1]. With the development of the coating science and technology, nanocomposite films with
better mechanical properties have become a research hotspot due to their higher mechanical properties,
thermal stability, and oxidation resistance. In 1992, Li et al. [2] first prepared TiSiN nanocomposite films
with a hardness of over 60 GPa using the physical vapor deposition (PVD), and suggested that the films
consisted of TiN and Si3N4 phases, in which TiN was crystalline, while Si3N4 was amorphous. In 2000,
Veprek et al. [3] prepared the TiSiN nanocomposite films with the superhigh hardness of 80–105 GPa,
which aroused great interest among researchers all over the world. Since then, researchers have
done a great amount of research on the preparation of nanocomposite films and their hardening
mechanism, and have proposed the widely-accepted model of nanocrystals encapsulated by the
amorphous interfacial phase, which is named as the nc-TiN/a-Si3N4 model (nc refers to nanocrystals,
and a refers to amorphous) [4].
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In 2004, Yeh et al. innovatively proposed the concept of high-entropy alloys (HEAs), and Cantor
established the equiatomic multicomponent alloys [5,6]. HEAs are a high-entropy solid-solution phase
alloy formed by five or more principal elements, each of which has an atomic concentration between
5–35 at.% (atomic percent). The HEAs are not inclined to form intermetallic compounds due to their
high-entropy effect, which tend to stabilize the simple body-centered-cubic (BCC), face-centered-cubic
(FCC), or hexagonal-close-packed (HCP) solid solution [7–12]. A large number of subsequent studies
have shown that HEAs have many superior properties than conventional alloys, such as the high
strength, great hardness, strong wear resistance, good fatigue resistance, high oxidation and corrosion
resistance [13–28]. With the development of new HEAs, studies of HEA nitride films have also
attracted the great interest of many researchers. Feng et al. [29] deposited the (ZrTaNbTiW)N films on
the substrate of the Ti6Al4V alloy by multi-target magnetron sputtering to investigate the composition,
structure, and mechanical properties of the film. They found that the (ZrTaNbTiW)N film showed
the BCC and FCC structures, and its mechanical properties were significantly greater than those
of ZrTaNbTiW films. Cheng et al. [30] deposited multi-component (AlCrTaTiZr)-Six-N films on the
monocrystalline Si substrate by reactive radio-frequency (RF) magnetron sputtering and probed the
influence of the silicon content on the structures, morphologies, and mechanical properties of the films.
The results showed that the incorporation of silicon significantly increased the oxidation resistance of
AlCrTaTiZr nitride films, but lowered their hardnesses. Tsai et al. [12] deposited the multi-component
(AlCrMoTaTi)N films with different silicon contents by reactive RF magnetron sputtering and studied
the effects of silicon contents on the nitride films. Their results showed that the incorporation of silicon
led to the lattice distortion of the films, improved the mechanical properties of the films, but reduced
the electrical properties of the films. Moreover, Tsai et al. [31] deposited the (AlCrMoTaTi)-Six-N films
on the Si substrate by the reactive RF magnetron sputtering to systematically study the effects of the
silicon content on the oxidation of the films. It was found that the oxidation resistance of the films
improved with the increase of the silicon content, which could be attributed to the existence of Al and
Si in the films.

Based on the current research situation, it can be seen that there is no clear conclusion about
the effects of the Si element on the microstructures and mechanical properties of HEA nitride films.
Therefore, this study combines the concepts of the “nanocomposite film” and “HEA nitride films”
to prepare (AlCrTiZrV)-Six-N films with different silicon contents by the reactive direct-current (DC)
magnetron sputtering. The effects of silicon contents on the microstructures and mechanical properties
of the films were systematically studied with the expectation of providing the experimental and
theoretical basis for the application of the nanocomposite HEA nitride film in the industrial field.

2. Experimental

2.1. Film Preparation

The (AlCrTiZrV)-Six-N films with different silicon contents were deposited on monocrystalline
Si (100) wafers with a size of 35 mm × 25 mm × 0.5 mm using a JPG–450 multi-target magnetron
sputtering system. The wafers were ultrasonically cleaned with the acetone and absolute ethanol for
15 min, and then dried into the sputtering chamber. The target used for sputtering is a self-made
compound target with the structure shown in Figure 1. The process of preparing the compound
target can be summarized as follows. Both the Si target and the equal-moles AlCrTiZrV target,
with the diameter of 75 mm and the purity of 99.99% (volume percent), were cut down 5 slices of
25 equal fan segments by a low speed wire electrical discharge machine (EDM). Then, keeping the
80% (volume percent) of the AlCrTiZrV target unchanged, these fan segments were assembled into the
composite target with different silicon contents by changing the number of the Si sector. For example,
the composite target shown in Figure 1 has only one Si sector, therefore the Si content (x) of the
composite target is 4% (volume percent). According to this method, composite targets with the Si
contents (x) of 4%, 8%, 12%, and 16% can be assembled for sputtering.
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Figure 1. Schematic illustration of the AlCrTiZrVSix composite target.

The AlCrTiZrVSix compound target was controlled by a DC power supply. The base pressure
was pumped down to 3.0 × 10−4 Pa before the deposition. During the experiment, the Ar and N2

flow rates were both maintained at the 10 standard cubic centimeter per minute (sccm). The working
pressure was adjusted to 0.7 Pa, and the sputtering power was 180 W. To improve the homogeneity of
films, the substrate was rotated at a speed of 10 r/min. The deposition time was 1.5 h, and finally the
(AlCrTiZrV)-Six-N films with a thickness of about 1.8 μm were obtained.

2.2. Film Characterization and Measurement

A series of characterization and testing of the deposited (AlCrTiZrV)-Six-N films were performed.
The structural and phase analyses were conducted on the D8 Advance X-ray diffractometer (XRD,
Bruker, Germany) using the CuKα radiation (λ = 0.15406 nm) with a measurement range of 25◦

to 90◦ and the Jade software, respectively. The microstructures of the films were observed by the
Quanta FEG450 field emission environmental electron microscope (SEM, FEI, USA) and Tecnai G220
high-resolution field-emission transmission electron microscope (HRTEM, FEI, USA). The NANO
Instrument, a G200 nano indenter (Agilent, USA) with the Berkovich indenter was used to study the
mechanical properties. The loading and unloading curves were obtained by accurately recording the
change of the loading depth with the load. Then the hardness and elastic modulus were calculated by
the Oliver–Pharr model [32]. During the measurement, the loading depth was set to 100 nm, less than
1/10 of the thickness of the films, so as to eliminate the effect of the substrate on the measurements.
Each hardness or elastic modulus value was an average of at least 16 measurements.

3. Results

The XRD patterns of the (AlCrTiZrV)-Six-N films with different silicon contents are presented
in Figure 2. It can be seen that the film without the Si element shows a simple FCC structure with a
diffraction peak near 2θ = 41◦, corresponding to the reflection of the (200) crystal plane, suggesting that
an FCC-structured solid-solution phase is formed with good crystallinity, and no other complicated
intermetallic compound is developed in the films. The reason for this phenomenon is that, due to the
high-entropy effect, the HEA tends to form the stable solid-solution phase rather than intermetallic
compounds. In bulk alloys of similar compositions to AlCrTiZrV, several researchers have reported
the formation of an order B2 structure [33,34], while in this investigation, the crystal phase of the film
without Si is a disordered FCC structure. This phenomenon may contribute to the reaction of the HEA
with N2. The films form the HEA nitride rather than the simple HEA, which leads to the change of
the structure of the crystal phase. Combined with the phase analysis of the Jade software, it can be
determined that the solid-solution phase is composed of five binary nitrides from Al, Cr, Ti, Zr, and V.
This result has been reported in previous works and proven to be thermodynamically stable due to the
high mixing entropy effect [35,36].
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Figure 2. X-ray diffraction (XRD) patterns of (AlCrTiZrV)-Six-N films with different silicon contents.

With the incorporation of Si, no obvious diffraction peak can be observed at 2θ = 41◦,
indicating that the (200) diffraction peaks of films disappear with the incorporation of Si. From the
XRD patterns of (AlCrTiZrV)-Six-N (x = 4%, 8%, 12%, and 16%) film, it can be seen that the diffraction
patterns have two diffraction peaks with low intensities at about 2θ = 37◦ and 2θ = 70◦, corresponding to
fcc (111) and (200) peaks, respectively, suggesting that the film crystallinity decreases with the
incorporation of the Si element, relative to the (AlCrTiZrV)N film, and the microstructure may be
nanocrystalline or amorphous.

Figure 3a shows that the film without the Si element grows in a columnar crystal with the growth
direction marked by the arrow. Figure 3b suggests that the (AlCrTiZrV)-Si0.08-N film exhibits the
amorphous morphology with the growth direction indicated by the arrow. In addition, with the
incorporation of Si, the diffraction peaks of the films move to high angles, as presented in Figure 2,
suggesting that the lattice parameters of the nitride phase decrease, which may be attributed to the
fact that the doped Si atoms can be dissolved into the (AlCrTiZrV)N lattice and occupy some lattice
positions. As the radius of the Si atom is smaller than that of other metal elements, the lattice parameters
of the nitride phase decrease, which has been confirmed in other studies of ternary Si-contained nitride
films [37,38]. Besides, it is clear to see the change of the lattice parameters of the nitride phase according
to the values given by Table 1.

 
Figure 3. Low-magnification cross-sectional transmission electron microscope (TEM) images of
(AlCrTiZrV)-Six-N films: (a) (AlCrTiZrV)N; (b) (AlCrTiZrV)-Si0.08-N.
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Table 1. The values of the lattice parameters of the (AlCrTiZrV)-Six-N films. (d1 are the calculated
values according to the XRD; d2 are the measurements according to the high-resolution transmission
electron microscope (HRTEM)).

(AlCrTiZrV)-Six-N d1(nm) d2(nm)

(AlCrTiZrV)N 0.2018 0.1913
(AlCrTiZrV)-Si0.04-N 0.1631 -
(AlCrTiZrV)-Si0.08-N 0.1629 0.1652
(AlCrTiZrV)-Si0.12-N 0.1627 -
(AlCrTiZrV)-Si0.16-N 0.1624 -

The cross-sectional SEM images of the (AlCrTiZrV)-Six-N films with different silicon contents are
presented in Figure 4. It can be seen that the nitride films are well bonded to the substrates, and there is
no obvious micro-gap between them. Moreover, the nitride films are grown uniformly with thickness
of about 1.8 μm, and the surface and internal quality of the nitride films are good. All the films have
the small surface roughness and a very dense and smooth cross-sectional structure without the visible
grain feature. Table 2 shows the calculated grain-sizes values of the (AlCrTiZrV)-Six-N films with
different silicon contents according to the Scherrer’s equation. This trend indicates that the grain sizes
of the films reach the nanometer level.

 

Figure 4. Cross-sectional SEM images of the (AlCrTiZrV)-Six-N films. (a) (AlCrTiZrV)N;
(b) (AlCrTiZrV)-Si0.04-N; (c) (AlCrTiZrV)-Si0.08-N; (d) (AlCrTiZrV)-Si0.12-N; (e) (AlCrTiZrV)-Si0.16-N.

Table 2. The calculated grain-sizes values of the (AlCrTiZrV)-Six-N films.

(AlCrTiZrV)-Six-N D(200) D(220)

(AlCrTiZrV)N 22.18 nm -
(AlCrTiZrV)-Si0.04-N - 5.32 nm
(AlCrTiZrV)-Si0.08-N - 4.36 nm
(AlCrTiZrV)-Si0.12-N - 3.20 nm
(AlCrTiZrV)-Si0.16-N - 2.60 nm

The cross-sectional HRTEM images of the (AlCrTiZrV)N and (AlCrTiZrV)-Si0.08-N films are
presented in Figure 5. Figure 5a,c is the microstructures of the (AlCrTiZrV)N film, in which A, B,
and C represent different crystal grains. Figure 5b,d shows the images of the (AlCrTiZrV)-Si0.08-N
film, where A, B, C, D, E, F, and G denote the nanocrystals inside the films. Figure 5e,f presents the
selected-area electron diffraction (SAED) patterns of two films. A comparison of Figure 5a,b indicates
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that the grains of the (AlCrTiZrV)N film (the areas marked by A, B, and C) are comparatively coarse,
reaching tens or hundreds of nanometers, while the grains of the (AlCrTiZrV)-Si0.08-N film (inside the
yellow dotted line) are much smaller, approximately 2–5 nm, suggesting that the incorporation of the
Si element can effectively refine the grain of the film to the nanometer level, which also confirms the
previous XRD result in Figure 2. According to Figure 5c,d, it can be seen that there is no other phase
existing between the grains of the (AlCrTiZrV)N film (on both sides of the yellow dotted line) from the
high-magnification HRTEM, and the grains’ contact directly with each other. While the grains of the
(AlCrTiZrV)-Si0.08-N film do not contact directly, and there are some reticular amorphous interfacial
phases between two grains, that is, between two yellow closed dotted lines. It is speculated that the
interfacial phase is the amorphous phase and corresponds to the amorphous projection of the XRD
pattern. For the SAED patterns images, the FCC structure with the (200) preferred orientation of the
(AlCrTiZrV)N film could be seen in Figure 5e, while the SAED patterns of the (AlCrTiZrV)-Si0.08-N
film in Figure 5f exhibit the nanocrystalline and amorphous features, which are consistent with the
XRD analysis of Figure 2.

 

Figure 5. Cross-sectional HRTEM images and selected-area electron diffraction (SAED) patterns of the
(a,c,e) (AlCrTiZrV)N and (b,d,f) (AlCrTiZrV)-Si0.08-N films: (a,b) low-magnification HRTEM images;
(c,d) high-magnification HRTEM images; (e,f) SAED patterns.

The effects of Si contents on the mechanical properties of the (AlCrTiZrV)-Six-N films are presented
in Figure 6. The hardness and elastic modulus of the (AlCrTiZrV)N film are 30.1 GPa and 274.0 GPa,
respectively. With the incorporation of Si, the hardness and elastic modulus of the films both first
increase and then decrease. When the Si content (x) is 8%, the hardness and elastic modulus of the
film reach the maximum, which are 34.3 GPa and 301.5 GPa, respectively. As the Si content (x) further
increases to 12% or 16%, the hardness and elastic modulus of the films decrease and are lower than
those of the (AlCrTiZrV)N film. It can be seen that the incorporation of Si has a significant effect on
the mechanical properties of the films, which can be attributed to the microstructure change resulting
from the incorporation of the Si element.
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Figure 6. Effect of silicon content on mechanical properties of (AlCrTiZrV)-Six-N films.

4. Discussion

4.1. The Formation of the Nanocomposite Structures

The nanocomposite film consisting of two insoluble phases presents a three-dimensional network
structure film in which the interfacial phase encapsulates the matrix phase. The difficulty for the
formation of the nanocomposite structure within the HEA nitride films lies in the remarkable mixing
entropy effect, which enhances the mutual solubility of constituent elements. As a result, the Si
atoms may be inclined to be incorporated in the crystalline lattice of the HEA nitride, rather than be
segregated as the SiNx phase, which can serve as the interfacial phase of the nanocomposite structure.

For example, Tsai et al. [30] investigated the effects of the silicon content (0–7.51 at.%) on the
(AlCrMoTaTi)N coatings by the reactive-magnetron sputtering, and no formation of the nanocomposite
structure had been reported. In particular, the formation of the SiNx phase was not observed
even after the Si content was increased to 7.51 at.%. They attributed the extended solubility of Si
to the high entropy effect. Lin et al. [39] reported the formation of the nanocomposite structure
in the (AlCrTaTiZr)SiN coatings produced by the reactive RF-magnetron sputtering, and found
that the nanocrystalline phase is elongated, rather than equiaxed, which is a typical feature of the
nanocomposite films. Moreover, the lattice can be observed within the denoted “amorphous regions”,
suggesting the probable crystallized feature in these regions. More importantly, the composition
distribution had not been provided in these investigations, making it difficult to verify the phase
segregation within the coatings.

Compared with the above results, in this investigation, through the high-magnification HRTEM
image shown in Figure 5d, the equiaxed regions (the areas marked by A, B, C, D, and E) exhibit
an ordered lattice structure, which is the HEA nitride phase, while the areas between two yellow
closed dotted lines present an amorphous structure, which is the interfacial phase. Meanwhile,
no lattice structure is observed in the amorphous region, indicating that the nanocomposite structure
forms within the film resulting from the phase separation between the HEA nitride matrix and SiNx

interfacial phase. Moreover, according to the studies of Prochazka [40], the a-Si3N4 phase has the
limited solubility in FCC nitrides, and the thermodynamically-driven phase separation will occur
during the deposition, which may be the possible reason why the nanocomposite structures could
form in the (AlCrTiZrV)-Six-N films. Figure 7 is the schematic diagram of nanocomposite structures
of the (AlCrTiZrV)-Six-N films, in which the (AlCrTiZrV)N matrix phase is a nano-equiaxed crystal,
and the SiNx interfacial phase is a network amorphous phase.
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Figure 7. Schematic diagram of the nanocomposite structure of the (AlCrTiZrV)-Six-N films.

4.2. The Strengthening Mechanism of the (AlCrTiZrV)-Six-N Films

The mechanical properties of the films are improved with the proper addition of the Si element,
which can be attributed to the microstructure change due to the Si incorporation. The reasons for
improving their mechanical properties can be specifically discussed as follows.

According to the theory of solid-solution hardening [41], the incorporation of the Si element can
improve the mechanical properties by causing the lattice distortion of the nitride films. To some extent,
Table 1 shows that the incorporation of the Si element causes the lattice distortion of the nitride films.
However, compared with the nitride film without Si, the mechanical properties of the nitride films
with the high Si content are lower, indicating that the solid-solution strengthening is not the major
factor in changing the mechanical properties of the nitride films.

From the classical Hall–Petch relationship [42]:

H = H0 + kHPd−1/2, (1)

where H0 is the intrinsic hardness of the (AlCrTiZrV)N, d is the average grain size, and kHP is the
Hall-Petch coefficient of (AlCrTiZrV)N. The reduction of the grain size could lead to the strengthening
effect of the HEA-nitride film. According to the HRTEM analysis, it can be seen that with the
incorporation of the Si element, the grain sizes of the nitride films significantly decreases to the
nanometer scale. Besides, Table 2 shows that the grain sizes of the (AlCrTiZrV)-Six-N films reduce with
the incorporation of the Si element. Therefore, the effect of the fine-grained strengthening improves
the mechanical properties of the nitride films to some extent. However, from the previous analysis,
the mechanical properties of the nitride films with the low Si content increase, while the properties with
the high Si content further decrease, that is, when the grain sizes reach a minimum, the mechanical
properties of the nitride films are worst, suggesting that the fine-grained strengthening mechanism is
not the main factor in strengthening the film.

From the HRTEM images and relevant analysis, the nanocomposite structure forms within
the HEA nitride films. Combining the strengthening mechanism of the nanocomposite film
(nc-TiN/a-Si3N4 model) [4,43,44], with the incorporation of Si, there are many equiaxed crystals
with the nanometer size formed in the films, leading to the fact that the generation or multiplication
of dislocations cannot happen within the films. At the same time, the thickness of the amorphous
interfacial phases formed between the nanocrystals is small, and the crack is difficult to expand in
the interfacial phases. Hence, the nitride films present a superhardness effect, and the mechanical
properties are improved. Moreover, the quantity of the interfacial phases increases with the increase
of the Si content, which makes the grains more refined (as shown in Table 2) and, therefore,
effectively strengthens the film. Patscheider et al. [44] pointed out that the hardness of nanocomposite
films peaks at the common minimum of the grain size of the crystalline phase and the grain separation
by the amorphous phase. Namely, two conditions have to be fulfilled to achieve the maximum
hardness for the nanocomposite film: the nanocrystals are approximately 5 nm in size and the mean
distance has to be very small, about a few nanometers. Therefore, as shown in Table 2 and Figure 5d,
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when the average grain size of the crystalline phase is 4.36 nm, and the thickness of the amorphous
interfacial phase is approximately 0.5–2 nm, the mechanical properties of the nitride films are the best.

However, if the interfacial phase thickness is too large, the hardness is mainly governed by
the properties of the amorphous interfacial phase [44]. In this investigation, when the Si content is
8%, the thickness of the amorphous interfacial phase in the film could reach 2 nm. Because of the
phase separation driven by thermodynamics, the (AlCrTiZrV)N matrix phase and the SiNx interfacial
phase are incompatible with each other. The Si only exists in the amorphous region. Thus, when the
Si content is above 8%, the thickness of the amorphous interfacial phase will be 3–4 nm or even
thicker. While at this time, the grain size of the crystalline phase is only 2–3 nm or even smaller,
the hardness of the nitride film is mainly governed by the properties of the amorphous interfacial
phase. This trend means that the hardness of the film approaches that of SiNx. The SiNx phase is softer
than the (AlCrTiZrV)N phase; meanwhile, the crack can expand within the amorphous interfacial
phase due to the thickening of the interface, thus leading to the decrease of the mechanical properties.
Hence, the mechanical properties of the films with the high Si content are lower than those of the
film without Si. Therefore, it is believed that the nanocomposite structure is the main reason for the
improvement of the mechanical properties of the HEA nitride films.

Due to the limitation of characterization techniques, however, it is difficult to accurately predict the
strengthening effect from the nanocomposite structure in this investigation. As a result, more research
should be carried out on the phase-segregation behavior of the Si-containing HEA nitride films to
help investigate the strengthening behavior of nanocomposite structures by the advanced techniques,
such as atom probe tomography. The relevant modeling and simulations are also needed.

5. Conclusions

(i) The (AlCrTiZrV)N film is a solid-solution phase with the FCC structure and has a (200)
preferential orientation. With the incorporation of the Si element, the (200) diffraction peak of
(AlCrTiZrV)-Six-N films disappeared.

(ii) The (AlCrTiZrV)N film grows with a columnar crystal-growth mode. After the Si
element is incorporated, the (AlCrTiZrV)-Six-N films exhibit an amorphous fracture morphology.
Moreover, the incorporation of the Si element effectively refines the grains of the nitride films,
forming nanocrystals with a size of about 2–5 nm, and a large number of amorphous interfacial
phases form simultaneously.

(iii) The nanocomposite structure is formed within the (AlCrTiZrV)-Six-N films with the
incorporation of the Si element, and the mechanical properties are improved. When the Si content (x)
is 8%, the hardness and elastic modulus of the (AlCrTiZrV)-Six-N films reach 34.3 GPa and 301.5 GPa,
respectively. However, the further increase of the Si content will result in the deterioration of the
mechanical properties of the (AlCrTiZrV)-Six-N films.
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Abstract: In order to improve the wear and corrosion resistance of an AZ91D magnesium alloy
substrate, an Al0.5CoCrCuFeNi high-entropy alloy coating was successfully prepared on an AZ91D
magnesium alloy surface by laser cladding using mixed elemental powders. Optical microscopy
(OM), scanning electron microscopy (SEM), and X-ray diffraction were used to characterize the
microstructure of the coating. The wear resistance and corrosion resistance of the coating were
evaluated by dry sliding wear and potentiodynamic polarization curve test methods, respectively.
The results show that the coating was composed of a simple FCC solid solution phase with a
microhardness about 3.7 times higher than that of the AZ91D matrix and even higher than that
of the same high-entropy alloy prepared by an arc melting method. The coating had better wear
resistance than the AZ91D matrix, and the wear rate was about 2.5 times lower than that of the
AZ91D matrix. Moreover, the main wear mechanisms of the coating and the AZ91D matrix were
different. The former was abrasive wear and the latter was adhesive wear. The corrosion resistance
of the coating was also better than that of the AZ91D matrix because the corrosion potential of the
former was more positive and the corrosion current was smaller.

Keywords: laser cladding; high-entropy alloy coating; AZ91D magnesium alloy; wear; corrosion

1. Introduction

High-entropy alloys are a new kind of alloy with excellent properties such as good wear resistance,
excellent corrosion resistance, excellent oxidation resistance, low electrical conductivity, low thermal
conductivity, and low coefficient of thermal expansion; they were invented by Yeh in 1995 [1–7].
They are composed of five or more elements in the same or an approximately equal molar ratio and
have simple BCC and/or FCC solid solution phases. Their microstructure and properties are different
from those of traditional alloys such as Fe- and Ni-based alloys or intermetallic compounds such as
Ti–Al, Ni–Al, and Fe–Al compounds; this is because of the high entropy effect, severe lattice distortion
effect, sluggish diffusion effect, and cocktail effect of the former [5,7].

So far, many methods such as arc melting [8], Tungsten Inert Gas Arc Welding (TIG) [9],
Gas Tungsten Arc Welding (GTAW) [10], mechanical alloying [11], DC sputtering [12], thermal spay
technology [13], and laser cladding [14–32] have been adopted to prepare different high-entropy alloys
or coatings. Among them, the laser cladding method has attracted special attention because of its
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advantages of rapid heating, rapid cooling, compact coating, and low dilution rate, etc. [19]. At present,
the preparation of high-entropy alloy coatings by laser cladding mainly focuses on the microstructure
and properties of different matrix materials such as Ti-6Al-4V [14,15], carbon steel [16–21], stainless
steel [22–24], tool steel [25], die steel [26], aluminum [27], magnesium [28–30], and magnesium
alloys [31,32], and different high-entropy coatings [14–32]. It should be noted that the study of the
preparation of high-entropy alloy coatings on magnesium and magnesium alloys by laser cladding
was mainly carried out by a few researchers: Yue [28,29,31], Huang [32], and Meng [30]. The possible
reason for this is that good-quality laser-clad coatings on magnesium and its alloys are very difficult to
obtain because of its low melting point (922K) and low boiling point (1363K).

It is well known that magnesium and its alloys have been widely used in many fields such as
the automotive, communication, and aerospace industries, but their poor wear resistance and
corrosion resistance hinder their application in those situations where these properties are required.
To solve this problem, a method called laser cladding has been developed to improve the wear and
corrosion resistance of magnesium and its alloys, and numerous literature reports have confirmed
this result [33,34]. Based on the excellent wear resistance and corrosion resistance of high-entropy
alloys [1–7] and on the basis of an author’s previous research [32], we decided to continue the
preparation of new wear-resistant and corrosion-resistant high-entropy alloy coatings by laser cladding
on an AZ91D magnesium alloy substrate, which is widely used. To our best knowledge, no studies
have reported an Al0.5CoCrCuFeNi high-entropy alloy coating fabricated by laser cladding on an
AZ91D magnesium alloy substrate. The reason for studying the Al0.5CoCrCuFeNi alloy is that it has a
simple FCC solid solution phase and exhibits excellent wear resistance due to its large work-hardening
capacity [35].

In this paper, mixed powders of Cu, Ni, Al, Co, Cr, and Fe were used to fabricate an
Al0.5CoCrCuFeNi high-entropy alloy coating on AZ91D magnesium alloys by laser cladding.
The microstructure, wear behavior, and corrosion behavior of the coating are shown in detail.

2. Experimental

Laser cladding of mixed powders of Cu, Ni, Al, Co, Cr, and Fe was undertaken on an AZ91D
magnesium alloy (Guangdong Dongguan Jubao Magnesium Alloy Material Co., Ltd, Dongguan,
China). The sample size used in the laser cladding was 100 mm × 50 mm × 10 mm. The powders (Hebei
Xingtai Nangong Zhongzhou Alloy Material Co., Ltd, Xingtai, China) had particle sizes of 48–75 μm
and purity of 99 wt %. The different element powders were mixed by ball milling (DECO-PBM-V-0.4L,
Hunan Changsha Deco Instrument Equipment Co., Ltd, Changsha, China) according to the nominal
composition of the Al0.5CoCrCuFeNi high-entropy alloy. The mixed powder from the ball milling was
preset on the surface of the AZ91D magnesium alloy using 4 vol % PVA solution. The thickness of the
preset layer was about 0.6 mm. The laser cladding experiment was completed under the protection of
99.999% high-purity argon by using a TR050 type CO2 high-power laser. The optimized laser cladding
parameters were as follows: laser power was 3000 W, laser scanning speed was 10 mm/s, laser spot
diameter was 4 mm, and laser spot overlap rate was 25%.

The phase structure and microstructure of the coating after laser cladding were identified and
observed using an X-ray diffractometer (X’ Pert PRO), an optical microscope (Axiovert 200MAT), and a
scanning microscope (Quanta 400) with an energy spectrum, respectively. The microhardness of the
coating cross section was measured using a microhardness tester (MICROMET 3). The loading force
was 100 grams and the loading time was 15 s.

The wear resistance of the coating was evaluated by the dry sliding wear method, in which the
size of the sample used for testing was 10 mm × 10 mm × 10 mm, and the friction pair used for
matching was bearing steel (AISI52100, HV0.1700). Figure 1 shows a schematic illustration of the
block-on-ring sliding wear tester. The parameters for the dry sliding wear were as follows: the applied
load was 98 N, the dry sliding speed was 0.4187 m/s, the dry sliding wear time was 75 mins, and the
dry sliding wear distance was 1884 m. The AZ91D magnesium alloy was selected as the experimental
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material for the dry sliding wear comparison. For each experimental datapoint, the average value
of three experimental results was taken as the final data. Wear weight loss was measured using an
electronic analytical balance (Bartorius BS110) with an accuracy of 0.1 mg.

The corrosion resistance of the coating was evaluated by testing the corrosion potential
polarization curve of a 3.5 wt % sodium chloride solution. A saturated calomel electrode (SCE)
was used as the reference electrode and platinum was used as the counter electrode. The test was
performed from −2.5 V to 1.5 V with a scanning speed of 1 mV/s.

The surface morphologies of the worn and corroded specimens were observed using a scanning
microscope (Quanta 400) with an energy spectrum.

Figure 1. Schematic illustration of the block-on-ring sliding wear tester.

3. Results and Discussion

3.1. Microstructure and Microhardness

Figure 2a shows an optical image of the cross section of the coating/AZ91D substrate sample after
laser cladding. It can be seen from Figure 2a that there were basically no defects such as microcracks
or pores in the coating. The interface between coating and substrate indicates that they were well
combined. In addition, small pieces of AZ91D magnesium alloy substrate were also found in the
coating (Figure 2a). This is believed to be due to some partially melted Mg being detached from the
substrate and becoming trapped within the rapidly solidifying coating. Figure 2b shows the scanning
electron microscopy morphology of position A in Figure 2a. It can be seen from Figure 2b that the
coating has typical dendrite microstructure characteristics, and the chemical compositions of the
dendrite (DR) and inter-dendrite (ID) are given in Table 1. As shown in Table 1, copper segregates
significantly in the inter-dendrite region. In other words, local segregation of copper occurred in the
Al0.5CoCrCuFeNi high-entropy alloy coating prepared by laser cladding. These results are similar to
the microstructure characteristics of Al0.5CoCrCuFeNi high-entropy alloys prepared by arc melting in
the literature [35–38]. The difference is that the dendrite microstructure of the laser cladding coating is
fine due to the rapid heating, melting, and rapid solidification of the preset layer during laser cladding.

Table 1. EDS results of the laser-clad high-entropy alloy coating (atom %).

Elements Al Co Cr Cu Fe Ni Results

DR 9.9 18.7 20.1 12.1 22.0 17.2 poor in Cu element
ID 12.7 5.7 3.5 60.7 3.1 14.3 rich in Cu element

Raw powders 9.0 18.2 18.2 18.2 18.2 18.2

The copper segregation in the Al0.5CoCrCuFeNi high-entropy alloy can be explained by the
mixing enthalpies [39] of different atomic pairs in Table 2. As shown in Table 2, all of the mixing
enthalpies of copper with iron, chromium, cobalt, and nickel are positive. This means that copper has
a low affinity for these atoms and is easily repelled by them. In the process of laser cladding, different
elements in the Al0.5CoCrCuFeNi high-entropy alloy were mixed evenly due to the convection and
agitation of the laser cladding pool. However, during the cooling and solidification stage, copper

463



Entropy 2018, 20, 915

was excluded from the dendrites due to the low affinity of copper atoms with iron, chromium, cobalt,
and nickel; thus, copper segregation occurred at the inter-dendrites.

Figure 2. Morphology of a laser-clad Al0.5CoCrCuFeNi high-entropy alloy coating: (a) optical
microscope (OM) image; (b) SEM image in position A.

Table 2. Values of ΔHij
mix (kJ/mol) for atomic pairs of elements [39].

Mixing Enthalpy Al Co Cr Cu Fe Ni

Al - −19 −10 −1 −11 −22
Co - −4 6 −1 0
Cr - 12 −1 −7
Cu - 13 4
Fe - −2
Ni -

Figure 3 presents the XRD patterns of the Al0.5CoCrCuFeNi high-entropy alloy coating prepared
by laser cladding. The analytical result confirmed that the phase was a simple FCC solid solution in
the laser-clad coating. This result proved that the Al0.5CoCrCuFeNi high-entropy alloy coating was
successfully fabricated by laser cladding on the AZ91D magnesium alloy based on the mixed powders
of Cu, Ni, Al, Co, Cr, and Fe of Al0.5CoCrCuFeNi and the optimized laser cladding parameters.
This result is consistent with the results reported in the literature [35–38]. Thus, for the laser-clad
Al0.5CoCrCuFeNi high-entropy alloy coating, both the dendrites and Cu-rich inter-dendrites were
of one simple FCC phase (Figure 1b). The formation of a simple solid solution phase rather than
intermetallic compounds is mainly attributed to the significant lowering of free energy by the high
enthalpy of mixing [40].

Figure 3. XRD patterns of a laser-clad Al0.5CoCrCuFeNi high-entropy alloy coating.
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Figure 4 shows the microhardness of the laser-clad Al0.5CoCrCuFeNi high-entropy alloy coating.
As can be seen from Figure 4, the microhardness of the coating was HV0.1365—about 3.7 times of the
AZ91D matrix (HV0.198) and higher than that of the Al0.5CoCrCuFeNi high-entropy alloy (HV5233)
prepared by arc melting [35–37]. The high microhardness of the laser-clad coating was attributed to
the solid solution strengthening of different alloy elements and fine grain strengthening of the fine
dendritic structure during the cooling process. Obviously, the high microhardness of the coating is
more beneficial to increasing the wear resistance of the coating.

Figure 4. Microhardness of a laser-clad Al0.5CoCrCuFeNi high-entropy alloy coating.

3.2. Wear Properties

Figure 5 shows the dry sliding wear weight loss of different samples. According to Figure 5,
the wear resistance of the coating was better than that of the AZ91D matrix, and the wear weight
loss was about 2.5 times smaller than that of the AZ91D matrix. This is in accordance with their
corresponding microhardness values (Figure 4). In other words, the hardness is higher and the
wearability is better. Figure 6 shows the surface morphologies of different samples after dry sliding
wear. In Figure 6, both of them present obvious groove characteristics. However, the wear mechanisms
of the two samples were also significantly different. The coating showed obvious abrasive wear
characteristics, and the AZ91D matrix showed obvious adhesive wear characteristics. Some elongated
pockmarks and microcracks (Figure 6a) can be found on the worn surface of the AZ91D matrix. Table 3
shows the EDS results of different positions of different worn samples. It can be seen from Table 3 that
AZ91D matrix position 1 and coating position 1 are each matrix materials, although each has a small
amount of oxidation due to friction heating. Both AZ91D matrix position 2 and coating position 2 are
iron oxide particles, but there are a lot of fine particles on the worn surface of the coating, while the
worn surface of the AZ91D matrix is much cleaner.

Figure 5. Weight loss of different specimens.
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Figure 6. Worn surfaces of (a) an AZ91D matrix specimen and (b) a laser-clad specimen.

Table 3. EDS results of worn surfaces of the AZ91D matrix and the laser-clad specimen (wt %).

Samples Position C O Mg Al Zn Fe Ni Cu Cr Co Mn

AZ91D 1 2.2 6.5 83.8 6.8 0.7 - - - - - -
AZ91D 2 1.8 44.5 1.3 1.3 0.3 50.8 - - - - -
Coating 1 1.1 8.9 - 4.7 - 18.7 19.9 12.4 17.3 17.0 -
Coating 2 1.2 33.7 - 3.4 - 34.8 5.3 7.2 7.1 7.3 -
AZ91D Raw - - 90.2 8.9 0.6 - - - - - 0.3

The causes of the above phenomena should be related to the hardness of the respective matrix
materials. Figure 4 shows that the microhardness of the coating was about HV0.1365, while the
microhardness of the AZ91D matrix was only HV0.198. In addition, the coating is composed
of Al0.5CoCrCuFeNi high-entropy alloy, and Al0.5CoCrCuFeNi high-entropy alloy has superior
work-hardening characteristics [35], but the AZ91D matrix does not have the same excellent
work-hardening capability. As a result, the microhardness of the coating continued to increase when
dry sliding wear was applied to the bearing steel friction pair and may even approach or exceed the
hardness of the bearing steel friction pair; it would then shear off the steel ring material, and iron
wear debris would be smeared over the coating surface. With the extension of the dry sliding wear
time, the iron wear debris would be oxidized due to heat generated by friction. Therefore, iron oxide
abrasive particles will be used as an abrasive cutting the Al0.5CoCrCuFeNi high-entropy alloy coating.
In contrast, the AZ91D matrix did not have this process and only the soft AZ91D matrix was transferred
to the hard bearing steel surface, so its wear rate (30.38 μg/s) was much higher than that (11.93 μg/s)
of the coating.

3.3. Corrosion Properties

Figure 7 and Table 4 show the potentiodynamic polarization curves and corrosion properties,
respectively, of different samples in 3.5 wt % sodium chloride solution. According to the corrosion
electrochemical behavior of the two samples and the lack of a passivating region in Figure 7, both
the AZ91D matrix and the coating are active dissolved materials. Therefore, using the principle of
“the smaller the corrosion current and the higher the corrosion potential, the better the corrosion
resistance of the material” to evaluate the corrosion resistance of the active dissolved material, it can
be seen that the corrosion resistance of the Al0.5CoCrCuFeNi high-entropy alloy coating prepared by
laser cladding was better than that of the AZ91D matrix. This is reflected by the fact that the former
had a significantly higher corrosion potential (Ecorr = −0.998 V) than did the latter (Ecorr = −1.46 V),
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and the former also exhibited a lower corrosion current (icorr = 1.60 × 10−4 A/cm2) than did the latter
(icorr = 6.20 × 10−4 A/cm2).

Figure 7. Potentiodynamic polarization curves of different specimens in 3.5 wt % sodium
chloride solution.

Table 4. Corrosion parameters of different samples in 3.5 wt % sodium chloride solution.

Specimen Ecorr (V) Icorr (A/cm2)

AZ91D −1.46 6.20×10−4

Laser-clad coating −0.998 1.60×10−4

Figure 8 shows the corroded surfaces of two samples. It can be seen from Figure 8a that the
magnesium oxide film generated on the AZ91D matrix cannot provide effective protection due to its
loose and porous properties and the extremely low equilibrium potential (−2.37 V) of magnesium in
the AZ91D matrix (Table 3). The following reactions will occur [41]:

Mg(s) + H2O → Mg(OH)2(s) + H2(g),

Mg(OH)2(s) + Cl− → MgCl2 + OH−,

Mg(s) + Cl− (aq) → MgCl2.

Figure 8. Corroded surfaces of (a) an AZ91D matrix specimen and (b) a laser-clad specimen.

Therefore, the corrosion of the AZ91D matrix was severe (Table 4 and Figure 8a).
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On the other hand, the corrosion attack on the Al0.5CoCrCuFeNi high-entropy alloy coating
specimen was much less acute. Figure 8b reveals that the corroded surface has a grainy appearance,
indicating that corrosion attacks may mainly occur on dendrite boundaries. It is considered that
the presence of Cr, Al, and Ni in the Al0.5CoCrCuFeNi high-entropy alloy coating prepared by laser
cladding could form dense chromium oxides, aluminum oxides, and nickel oxides at the surface,
and this could be an important factor that contributes to the relatively high corrosion resistance of the
Al0.5CoCrCuFeNi high-entropy alloy coating specimen.

It should be pointed out that the composition of the high-entropy Al0.5CoCrCuFeNi selected in
this paper is not superior to that of other high-entropy compositions (for example, the one studied in
Reference [32]). In this paper, only the high-entropy Al0.5CoCrCuFeNi composition is chosen because
of its good corrosion resistance.

As for how to choose the composition of the coating to obtain high corrosion resistance,
we think that the composition of the high-entropy alloy should be based mainly on whether the
same high-entropy alloy prepared by the arc melting method has excellent corrosion performance.
If so, it can be selected as a candidate material for laser cladding to prepare a high-entropy alloy
coating; otherwise, it should not be selected.

4. Conclusions

(1). An Al0.5CoCrCuFeNi high-entropy alloy coating was successfully fabricated on an AZ91D matrix
by laser cladding using mixed powders of Cu, Ni, Al, Co, Cr, and Fe. The Al0.5CoCrCuFeNi
high-entropy alloy coating consisted of fine dendrites with a simple FCC phase.

(2). The dry sliding wear resistance of the Al0.5CoCrCuFeNi high-entropy alloy coating prepared by
laser cladding was better than that of the AZ91D matrix, and the wear mechanisms of the two
materials were different.

(3). The Al0.5CoCrCuFeNi high-entropy alloy coating prepared by laser cladding had better corrosion
resistance than did the AZ91D matrix in 3.5 wt % sodium chloride solution.
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Abstract: Through laser metal deposition, attempts were made to coat AlCoCrFeNi, a high-entropy
alloy (HEA), on an AISI 304 stainless steel substrate to integrate their properties. However, the direct
coating of the AlCoCrFeNi HEA on the AISI 304 substrate was found to be unviable due to cracks at
the interface between these two materials. The difference in compositional change was suspected to be
the source of the cracks. Therefore, a new transition route was performed by coating an intermediate
layer of CoFe2Ni on the AISI 304 substrate. Investigations into the microstructure, phase composition,
elemental composition and Vickers hardness were carried out in this study. Consistent metallurgical
bonding was observed along both of the interfaces. It was found that the AlCoCrFeNi alloy solidified
into a dendritic microstructure. The X-ray diffraction pattern revealed a transition of the crystal
structure of the AISI 304 substrate to the AlCoCrFeNi HEA. An intermediate step in hardness was
observed between the AISI 304 substrate and the AlCoCrFeNi HEA. The AlCoCrFeNi alloy fabricated
was found to have an average hardness of 418 HV, while the CoFe2Ni intermediate layer had an
average hardness of 275 HV.

Keywords: high-entropy alloy; laser metal deposition; elemental powder; graded material

1. Introduction

As a novel metallic alloy system, high-entropy alloys (HEAs) have received considerable attention
in the past decade. The name HEA indicates that the mixing of the principal elements in the alloy
leads to a substantial change in entropy. This change in entropy promotes the formation of a simple
solid solution instead of complex compounds. One of the extensively studied HEAs is equiatomic
AlCoCrFeNi, which shows high hardness, good wear behavior but low tensile ductility [1–7]. As-cast
AlCoCrFeNi alloy showed a tensile elongation of 1.0%, while post-heat treatment, the elongation was
increased to 11.7% [4]. Wang et al. studied the compressive properties of AlCrFeCoNi HEA prepared
by vacuum arc melting. They found that this alloy showed large strain hardening and compressive
strength up to 2004 MPa with a 32.7% compressive plasticity [6]. Munitz et al. reported the impact of
heat treatment of AlCoCrFeNi HEA, in which the BCC (Body-centered cubic) matrix transformation
occurred between 650 and 975 ◦C. This transformation led to a substantial increase in microhardness [5].
Further modification of this alloy system through the addition of titanium, leading to AlCoCrFeNiTix
(x = molar ratios), was found to be promising for wear protection [1]. Further, AlCoCrFeNi HEA
solidified with dendritic and interdendritic microstructures due to elemental segregation. Dendritic
segregation regions were found to be Al- and Ni-rich, while interdendritic areas were Fe- and Cr-rich,
and the distribution of Co was uniform. Body-centered cubic (BCC) Fe and Cr precipitates, and B2
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(ordered BCC) Al- and Ni-rich matrices were observed in previous studies [2,4,6,8,9]. Most of these
studies are based on material fabricated through processes such as casting and arc melting. Unlike
these early studies, laser metal deposition (LMD) was implemented in this study.

LMD is capable of fabricating freeform three-dimensional metallic components [10–12] and has
been used to fabricate several HEAs [12–16]. Chen et al. fabricated AlxCoFeNiCu1-x (x = 0.25, 0.5 and
0.75 atom %, respectively) HEAs using elemental powders on the AISI 304 substrate. They reported
an increase in hardness with an increase in aluminum content [16]. He et al. used laser cladding to
produce FeCoCrNiAlTix (x = 0, 0.25, 0.5, 0.75 and 1 atom %, respectively) coating on Q253 steel through
the use of elemental powders. Addition of titanium was observed to improve the hardness and wear
resistance of the HEA [15]. Similarly, FeCoCrAlCu HEA coating by laser cladding demonstrated good
wear resistance under a dry sliding condition [17].

In this paper, the feasibility of coating an AlCoCrFeNi HEA on an AISI 304 stainless steel substrate
was investigated. Sole LMD fabrication of AlCoCrFeNi HEA components is very costly due to the
need for high-purity (i.e., 99.9%) raw powders of elements such as Co, Cr and Ni. AISI 304 stainless
steel, on the other hand, is a low-cost structural material. However, AISI 304 is a soft material with low
wear resistance. It is widely used in industrial facilities, transportation equipment and architectural
applications. Therefore, by coating AlCoCrFeNi HEA on AISI 304, it can enhance the hardness of AISI
304 structures. This combination of materials could facilitate fabrication of components for applications
that require both hardness and wear resistance.

However, direct coating of AlCoCrFeNi HEA on AISI 304 is difficult due to the change in chemistry,
thermal expansion and residual stress of the dissimilar materials. For example, the measured coefficient
of thermal expansion (CTE, 10−6/K) for AlCoCrFeNi HEA was 9.03 (293–303 K), 12.47 (368–378 K)
and 13.54 (423–773 K) [18]. However, the CTE values of AISI 304 were 14.7 (293 K), 16.3 (400 K), 19.5
(700 K) and 20.2 (800 K) [19]. Harihar et al. observed crack formation at the bottom of an AlCoCrFeNi
deposit when deposited on an AISI 304 substrate. Due to the brittleness of the deposited material, the
deposit broke off from the AISI 304 substrate easily [12]. An extensive network of cracks occurred
when a TiVCrAlSi HEA was cladded on a Ti-6Al-4V substrate. This was attributed to the difference
between the thermal expansion coefficients and residual stresses associated with the high cooling rate
in laser cladding [20].

Therefore, to facilitate the dissimilar material bond, an intermediate layer was necessary and
could accommodate the residual stresses and variation in chemistry change [10,21,22]. Intermediate
layers of Fe/Cr/V were used between AISI 316 stainless steeland Ti-6Al-4V to facilitate a similar
material bond [10]. Currently, there are few studies available identifying the viable intermediate layer
between AlCoCrFeNi HEA and AISI 304. In this study, an attempt was made to coat the equiatomic
AlCoCrFeNi HEA on the AISI 304 substrate using LMD. The objective was to obtain a strong bond
between the two materials. We first demonstrated the issues with direct-coating the HEA onto the
substrate. Then we proposed a candidate intermediate material and proved its viability.

2. Materials and Methods

Elemental powders of gas-atomized aluminum (Al), chromium (Cr), cobalt (Co), nickel (Ni) and
iron (Fe) from Atlantic Equipment Engineers Inc. were used as precursor materials. These powders,
weighed in required ratios, were mixed using a Turbula mixer (Glen Mills Inc., Clifton, NJ, USA) for 1 h
to obtain homogeneous blends. Commercially procured AISI 304 bar stock (dimensions: 2.75 inch ×
2 inch × 0.25 inch) was used as the substrate material for the deposition. The particle size distribution
of the elemental powders stated by the producer is as tabulated in Table 1. Elemental analysis of the
elemental powders is listed in Table 2. Elemental compositions (atom %) of the as-blended CoFe2Ni
intermediate layer and AlCoCrFeNi alloy are given in Table 3.
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Table 1. Particle size distribution of the precursor elemental powders.

Materials US Standard Mesh

Al −100
Co −100/+325
Cr −100
Fe −100
Ni −100/+325

Table 2. Elemental analysis (atom %) of elemental powders as provided by the manufacturer.

Materials Al Cr Si Fe C Ni Co S Ca

Al 0.88 - 0.07 0.05 - - - - -
Co - - - 0.002 - <0.001 ~0.99 - 0.001
Cr - 0.89 - 0.02 0.09 - - - -
Fe - - - 0.99 0.01 - - - -
Ni - - - 0.01 0.05 0.92 - 0.02 -

Table 3. Nominal compositions (atom %) of CoFe2Ni and AlCoCrFeNi alloy powder blends.

Alloy Al Co Cr Fe Ni

CoFe2Ni 0 25 0 50 25
AlCoCrFeNi 20 20 20 20 20

The laser deposition process was performed in an LMD system whose schematic representation is
as seen in Figure 1a. The heat source was a 1 kW continuous-wave YAG fiber laser (IPG Photonics,
Oxford, MA, USA) with a 2 mm beam diameter. The powders were fed using a vibration X2 powder
feed system procured from Powder Motion Labs. The powder was introduced into the melt pool
through an alumina tube. A computer numerical control (CNC) table was used to facilitate the
movement during the deposition. Argon gas was used to ensure an inert atmosphere and act as a
carrier gas to deliver the powder mixture to the melt pool.

In the current setup, the 2 mm spot size is insufficient to attain a large capture efficiency of the
powder. This is due to the scatter of the powder flow out of the powder feed tube. This scatter
was suspected to vary with individual precursor powder. Therefore, in order to obtain as-deposited
compositions that are close to as-blended compositions, the capture efficiency during the deposition
process needed to be increased. A trochoidal toolpath (shown in Figure 1b) was designed to create a
large enough melt pool to improve capture efficiency during deposition. This toolpath was inspired by
“weave”-style toolpaths that are commonly used in welding.

The AISI 304 substrates were cleaned with acetone to remove the impurities such as dirt and oil
from the surface. A preheating scan was conducted by running the laser across the substrate surface.
To ensure a successful start, the power of the initial five layers of the deposition was carried out at
750 W and 8.5% (3.36 g/min) powder feed rate. The remainder of the deposit was run at a power level
of 550 W and 8.5% (3.36 g/min) powder feed rate. The thickness of each layer is 1 mm.
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(a) (b) 

Figure 1. Schematic of the experimental setup, (a) laser metal deposition (LMD) system and (b) the
trochoidal tool path.

After laser deposition, vertical transverse sections of the specimens were cut using a wire electric
discharge machine (Hansvedt Industries Inc., Rantoul, IL, USA) and mounted in Bakelite for polishing
and etching. The metallographic specimens were first ground using 240, 400, 600 and 800 grit silicon
carbide papers and then polished using 15 μm, 9 μm and 3 μm diamond suspensions. The final step of
polishing involved 0.05 μm colloidal silica suspension. To reveal the microstructure, the electrolytic
etching was carried out in the nitric acid solution (70 mL nitric acid, 30 mL distilled water) at 5 V
for 5 seconds. Scanning electron microscopy (SEM), energy dispersive X-ray spectroscopy (EDS) and
electron backscatter diffraction (EBSD) were performed on Helios Nanolab 600 SEM (Thermo Fisher
Scientific, Waltham, MA, USA). The SEM image was acquired by an Everhart-Thornley detector. The
EDS element was analyzed by the factory standardizations provided in the Aztec software. The EBSD
step size was selected to be 2.5 μm. EBSD data acquisition and analysis were conducted using Aztec
and Channel 5 software, respectively. Grain size was measured by the line intercept method, and
the misorientation angle was 10◦. Optical microscopy images were collected using a Hirox optical
microscope. X-ray diffraction patterns were collected using Philips X’pert MRD using Cu anode. The
Vickers hardness was measured using a Struers Duramin hardness tester (Struers Inc., Cleveland, OH,
USA) at a 9.8 N load and a 10 s load duration. The reported hardness results were the average of
three indentations.

3. Results and Discussions

3.1. Direct Coating of AlCoCrFeNi HEA on AISI 304 Substrate

The direct LMD of the AlCoCrFeNi HEA on the AISI 304 substrate will be discussed first. Figure 2a
shows a portion of the vertical transverse section of the HEA deposit near the AISI 304 substrate.
An area close to the crack zone, as marked in the dashed-line box, is shown in Figure 2b with high
magnification. A network of cracks, mostly transverse and horizontal in orientation, were found to
be prevalent. Cracking occurred at the bottom of this HEA deposit. This could be attributed to the
mismatch between the thermal expansion coefficients. The CTE of this HEA was reported to be 9.03
(10−6/K, 293–303 K) while the value of AISI 304 was 14.7 (10−6/K, 293 K) [18,19].
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(a) (b) 

Figure 2. (a) Optical microscopy image of the vertical transverse cross-section of direct AlCoCrFeNi
HEA coating on AISI 304 substrate, (b) a high-magnification view of the dashed–line-boxed area in (a).

The elemental composition distribution along the interface between the HEA deposit and the
AISI 304 substrate is shown in Figure 3. At the bottom of the melted metal, the composition mixing
was significant during the laser deposition process (see Figure 3). The bottom of the deposit had high
susceptibility of cracking in the transverse cross-section, as seen in Figure 2.

The variation in Vickers hardness across the HEA–AISI 304 direct coating is presented in Figure 4.
The average Vickers hardness of the HEA deposits was 412 HV, while that of the substrate was 161
HV. Since the coefficients of thermal expansion are mismatched between HEA and the substrate,
residual stresses were developed during the laser deposition process. The AISI 304 substrate had a
high elongation rate from 28% to 50% in the temperature range of 300–500 ◦C [23]. However, the tensile
elongations of the AlCoCrFeNi HEA were 1% (as-cast condition) and 11.7% (after heat treatment) [4].
A difference in ductility exists between the substrate and the HEA. Having an intermediate material to
bridge these differences was deemed necessary.

 

Figure 3. Elemental composition distribution along the interface between the AISI 304 substrate and
the HEA deposit.
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Figure 4. Vickers hardness profile of the direct coating of the AlCoCrFeNi alloy on AISI 304.

3.2. A New Transition Route

A blend of Fe, Co and Ni powders was selected as the candidate intermediate material. Since they
are among the constituents of the AlCoCrFeNi HEA, no special procurement was needed. A Fe–Co–Ni
ternary phase diagram at 1073 K compiled from experimental data is shown in Figure 5 [24]. Fe, Ni
and Co have excellent mutual solubility, and no brittle intermetallic phases are expected. From the
phase diagram, an atomic composition ratio of Fe, Ni and Co of 50%, 25% and 25%, respectively, was
chosen. The selected ratio is expected to bridge the material composition gap between the AlCoCrFeNi
HEA and AISI 304. This new transition route, AISI 304 substrate → CoFe2Ni intermediate layer →
AlCoCrFeNi HEA, was then carried out and characterized.

Figure 5. Ternary alloy phase diagram of Fe–Co–Ni at 1073 K [24].

3.3. AlCoCrFeNi HEA–AISI 304 with an Intermdeiate Layer

3.3.1. Microstructure

The CoFe2Ni intermediate layer was coated on the AISI 304 substrate using premixed elemental
powder. Then, the AlCoCrFeNi HEA was coated on the intermediate layer by LMD. The intermediate
layer composition was theorized to avoid the formation of intermetallic compounds and bridge the
large gap in strength differences. Figure 6a,b shows the optical images of etched surfaces of transverse
sections of these deposits. Unlike the HEA–AISI 304 direct coating, no apparent cracks were observed,
which indicated an improvement in bonding. However, issues of microporosity persisted. A dendrite
microstructure was observed along the interface between the intermediate layer and the HEA.
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(a) (b) 

Figure 6. The optical microstructure of (a) the CoFe2Ni intermediate layer and the AISI 304 substrate
and (b) the AlCoCrFeNi alloy deposit and the CoFe2Ni intermediate layer.

A high-magnification secondary electron image of the AlCoCrFeNi HEA deposit is shown in
Figure 7, where a two-phase dendritic microstructure was observed. The area fraction of the dendritic
microstructure was ~52%, while the interdendritic area fraction was ~48%. The interdendritic region is
named A, and the dendritic region is named B. The mean elemental compositions of A and B (average
from three arbitrary points) were analyzed by EDS, and the results are listed in Table 4. It is shown
that the atomic percentages of Al and Ni were ~29% in A and ~41% in B. The percentages of Fe and Cr
were ~54 atom % in A and 43 atom % in B. These results indicate that Fe and Cr were rich in A, while
Al and Ni were rich in B. The composition of Co did not show evident differences between A and B.
The mixing enthalpies between Fe–Cr, Fe–Ni, Fe–Co, Fe–Al, Cr–Ni, Cr–Co, Cr–Al, Ni–Co, Ni–Al and
Co–Al were −1, −2, −1, −11, −7, −4, −10, 0, −22 and −19 kJ/mol, respectively [6,25]. The mixing
enthalpy of Al and Ni was higher than other pairs, which indicated that Al and Ni tended to form
atomic pairs and segregate. Similar results have been reported for the AlCoCrFeNi HEA, with this
microstructure being attributed to the spinodal decomposition [2,4–6,9].

 

Figure 7. Secondary electron image of the AlCoCrFeNi HEA microstructure at a magnification of 10000.

Table 4. Elemental compositions analyzed by energy dispersive X-ray spectroscopy (EDS)of the
AlCoCrFeNi HEA shown in Figure 7.

Elements (atom %) Al Co Cr Fe Ni

A 16.2 16.8 23.4 30.2 13.4
B 23.5 15.7 19.4 24.2 17.2
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XRD was used to identify the crystal structures of the intermediate layers and the HEA.
A transition of the crystal structure was observed from the AISI 304 substrate to the AlCoCrFeNi alloy.
The XRD patterns of the AISI 304 substrate, the CoFe2Ni intermediate layer and the AlCoCrFeNi alloy
are shown in Figure 8. The present phases and the corresponding crystallographic information are
summarized in Table 5. The peak patterns of FCC were observed in the CoFe2Ni intermediate layer,
while BCC peak patterns were detected in the AlCoCrFeNi alloy. Löbel et al. found BCC and B2
(ordered BCC) phases in AlCoCrFeNiTix (x = 0) when fabricated via arc melting [1]. A similar result
was reported by Shiratori et al., when casting was employed to produce an AlCoCrFeNi HEA [26].
Due to the same basic lattice structure and lattice parameters, the B2 ordered structure is very hard to
detect from XRD, as the peak patterns of B2 and BCC are the same [2,9]. However, the evidence of the
existence of the B2 phase was found from the EDS analysis above. Previously, an AlCoCrFeNi HEA
was reported to also contain the FCC crystal structure with preheating or post-heat treatment [5,13,26].
The FCC structure was not found in this work, which could be because the high cooling rate during
LMD inhibited the formation of the FCC crystal structure [5,13,26].

 
Figure 8. XRD pattern of the AISI 304 substrate, the CoFe2Ni intermediate layer and the AlCoCrFeNi HEA.

Table 5. Summary of phases detected by XRD analysis for AISI 304, CoFe2Ni and the AlCoCrFeNi HEA.

Alloy Lattice Structure Space Group Lattice Parameter (Å)

AISI 304
FCC Cu Fm-3m (225) 3.5911
BCC Fe Im-3m (229) 2.87

CoFe2Ni FCC Cu Fm-3m (225) 3.5911
AlCoCrFeNi HEA BCC W Im-3m (229) 2.876

The evolution in chemistry from the intermediate layer to the substrate was characterized by
an EDS line scan first. The quantitative results are shown in Figure 9a. The EDS measured results of
the AISI 304 substrate (Cr: ~18–19 atom %, Fe: ~70–72 atom %, Ni: ~9–10 atom % in Figure 9a) did
not vary from the nominal AISI 304 elemental compositions. Mn (~1–2 atom %) was detected in the
AISI 304 substrate by EDS but is not shown in Figure 9. The percentages of Co (~17–22 atom %) and
Ni (~21–23 atom %) reduced, while the Fe (~54–56 atom %) content increased from the intermediate
layer to the AISI 304 substrate. A small amount of Cr (~3–5 atom %) was present in the intermediate
layer, because the substrate was mixed with the intermediate layer. The composition distribution from
the HEA to the intermediate layer is shown in Figure 9b. The constituents of the AlCoCrFeNi HEA
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were detected by EDS (Al: ~16–17 atom %, Co: 19–20 atom %, Cr: ~17 atom %, Fe: ~25 atom %, Ni:
~20–21 atom %). The difference between the as-blended (20 atom %) and as-deposited aluminum
(~16–17 atom %) percentages is suspected to be a consequence of inconsistency in capture efficiencies
of the constituent powders, and evaporation due to differences in melting point. Al and Cr were
present in the intermediate layer as seen in Figure 9b, and their total content was ~4–5 atom %.

 
(a) 

 
(b) 

Figure 9. Elemental composition distribution along the boundary, (a) CoFe2Ni intermediate layer and
AISI 304 substrate and (b) AlCoCrFeNi HEA and CoFe2Ni intermediate layer.

3.3.2. EBSD

Figure 10a shows the inverse pole figure (IPF) map obtained from the bottom of the HEA section
of the specimen. The measured area was approximately 3.4 mm × 1.2 mm of the cross-section parallel
to the build direction (BD), which spanned from the left to the right of the specimen. The difference in
color indicates the different crystallographic orientations. From Figure 10a, the overall constitution
can be classified into two zones—the edge zone (1 and 3) and the middle zone (2). In areas 1 and
3, the grains were observed to be elongated along the build direction (see 1 and 3 in Figure 10a).
The distributions of the intercept lengths (using 100 horizontal lines) in different areas are depicted
Figure 10b. The median linear intercept for areas 1 and 3 was 72.5 μm, while it was 127.5 μm for area 2.
From the linear intercept distribution of area 2, 25% of the intercept values were greater than 300 μm,
whereas only 14% of the intercept values were above 300 μm for areas 1 and 3. This grain morphology
is likely to be a consequence of deposition toolpath and variation in cooling rate at edges and in the
middle [27,28]. Figure 10c,d show the {100}, {110} and {111} pole figures of different areas, which give
the distribution of the pole density along the build direction. The pole figure of the areas 1 and 3
(Figure 10c) suggests that the orientations of the grains were close to the <100> direction. However,
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the grains were random in orientation and did not appear with obvious texture in area 2 (Figure 10d).
Further study is necessary to investigate the impact of this toolpath on the grain morphology.

 
(a) 

 
(b) 

(c) 

 
(d) 

Figure 10. (a) Inverse pole figure (IPF)IPF map of the bottom of the HEA section in the specimen; the
measured region was approximately 3.4 mm × 1.2 mm, from the left to the right side in the cross-section
parallel to the build direction (BD); (b) distribution of the intercept length of grains with the bin size of
10 μm; (c) pole figure of areas 1 and 3; and (d) pole figure of area 2 in (a).
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3.3.3. Vickers Hardness Analysis

Figure 11 gives the Vickers hardness distribution of the AlCoCrFeNi HEA deposited on the AISI
304 substrate with the CoFe2Ni intermediate layer. The Vickers hardness of the CoFe2Ni intermediate
layer was around the 275 HV, which could be attributed to the solid solution strengthening. Table 6 lists
the Vickers hardnesses of the AlCoCrFeNi HEA, annealed AISI 304, aged Inconel 625, and annealed
duplex steel SAF 2205 [29–31]. The average Vickers hardness of the HEA deposit was in the range of
418 HV, because of the second-phase strengthening [4].

According to the XRD results, the AISI 304 substrate and the CoFe2Ni intermediate layer had an
FCC structure, while the AlCoCrFeNi HEA had a BCC structure. The transition from FCC to BCC
structure is also expected to enhance the hardness. The high hardness is expected to correlate with
good performance in strength and wear resistance [1,16].

 
Figure 11. Vickers hardness profile of the AISI 304 substrate—AlCoCrFeNi HEA with the CoFe2Ni
intermediate layer.

Table 6. Vickers hardness of various alloys.

Alloy Hardness (HV) Reference

AlCoCrFeNi HEA 418 This work
AISI 304 annealed 188 [29]
Inconel 625 aged 225 [30]

Duplex steel SAF 2205 annealed 290 [31]

4. Conclusions

An AlCoCrFeNi HEA was coated on an AISI 304 substrate by laser metal deposition (LMD)
technology. The coating on the substrate without and with the intermediate layer was characterized
and discussed. The main conclusions are as follows:

• Cracking was found to be prominent when the AlCoCrFeNi HEA was directly coated on the AISI
304 substrate due to the compositional change between HEA and the substrate.

• Using an intermediate layer of CoFe2Ni improved the bond. The incorporation of the intermediate
layer successfully eliminated crack formation in the deposit.

• XRD patterns revealed a transition of crystal structure from FCC in the AISI 304 substrate to BCC
in the AlCoCrFeNi alloy. The evidence of a B2 phase in the AlCoCrFeNi HEA was also found in
the EDS analysis results.

• The AlCoCrFeNi alloy fabricated by LMD was found to have an average hardness of 418 HV,
while the CoFe2Ni intermediate layer had an average hardness of 275 HV.
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Abstract: Quaternary high-entropy ceramic (HEC) composite was synthesized from HfC, Mo2C, TaC,
and TiC in pulsed current processing. A high-entropy solid solution that contained all principal
elements along with a minor amount of a Ta-rich phase was observed in the microstructure. The
high entropy phase and Ta-rich phase displayed a face-centered cubic (FCC) crystal structure with
similar lattice parameters, suggesting that TaC acted as a solvent carbide during phase evolution.
The addition of B4C to the quaternary carbide system induced the formation of two high-entropy
solid solutions with different elemental compositions. With the increase in the number of principal
elements, on the addition of B4C, the crystal structure of the HEC phase transformed from FCC to a
hexagonal structure. The study on the effect of starting particle sizes on the phase composition and
properties of the HEC composites showed that reducing the size of solute carbide components HfC,
Mo2C, and TiC could effectively promote the interdiffusion process, resulting in a higher fraction of a
hexagonal structured HEC phase in the material. On the other hand, tuning the particle size of solvent
carbide, TaC, showed a negligible effect on the composition of the final product. However, reducing
the TaC size from −325 mesh down to <1 μm resulted in an improvement of the nanohardness of
the HEC composite from 21 GPa to 23 GPa. These findings suggested the possibility of forming a
high-entropy ceramic phase despite the vast difference in the precursor crystal structures, provided a
clearer understanding of the phase transformation process which could be applied for the designing
of HEC materials.

Keywords: high-entropy ceramic; solid-state diffusion; microstructure; phase evolution; hardness

1. Introduction

High-entropy ceramics (HECs), as a new class of ceramic materials, are developed from the
concept of high-entropy alloys (HEAs). In HEAs, multiple principal elemental metals are incorporated
to form a single phase alloy or multiphase composites [1,2]. With a similar design concept, HECs
consist of multiple principal ceramic compounds such as metallic oxides, nitrides or carbides. In recent
work, it has been found that the high entropy effect applies in the HECs system consisting of multiple
components [3,4]. Solid solution phases that lack long-range order can be formed attributed to the
minimization of Gibbs energy. Christina M. Rost et al. [5] fabricated an entropy stabilized oxide that
showed a single-phase face-centered cubic (FCC) structure. Single phase solid solutions have been
reported in systems like high entropy borides [6] and high entropy carbides [7,8]. Compared with
conventional ceramic materials, single phase HECs show superior mechanical properties contributed by
the strain strengthening effect from lattice distortion. For example, the high-entropy carbide fabricated
by E. Castle et al. [7] exhibited a single phase FCC structure and enhanced hardness (36.1 GPa)
compared to all the component carbides.
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Due to the high melting point of ceramic materials, the solid-state pulsed current processing (PCP)
is the economically preferable processing route as it offers relatively low sintering temperatures and
short sintering times [9]. PCP utilizes pulsed current, directional pressure, and high vacuum during
sintering and offers the advantage of providing homogenously densified materials [10,11]. Due to the
strong covalent bonding and complex crystal structures of refractory ceramics, the synthesis of high
entropy ceramics has been performed with ceramic precursors containing one nonmetal element (for
example carbide, nitride or boride) and a similar crystal structure [6,7,12,13] using PCP. The selection
approach of the ceramic precursors minimizes the geometrical difference among the starting ceramic
precursor materials and achieves a single-phase high-entropy phase during PCP [14].

Our previous work on the high-entropy ceramic composite shows the possibility of forming a
single-phase hexagonal structure from carbide precursors with a vast difference in the crystal structures
(FCC, hexagonal and rhombohedral) and two nonmetal atoms (carbon and boron), attributing to
the independent diffusion of metal and nonmetal atoms during the PCP processing [14]. However,
the phase formation rules in a high-entropy ceramic system are still elusive and how B4C influences
the diffusion process remains unclear. In order to develop a better understanding of the formation
mechanism of the high-entropy ceramic phase, a systematic study was established and conducted
in this work. Quaternary HEC composite was processed from four refractory carbides, HfC, Mo2C,
TaC, and TaC. The phase evolution on B4C addition was studied by investigating the microstructure
and phase composition of the five-component carbides. Moreover, due to the importance of starting
particle size in solid-state diffusion [15], HEC composites were fabricated from precursors with different
particle sizes. The effects of tuning the particles size of the solvent and the solute carbides on the
microstructure, phase composition, and mechanical properties are discussed.

2. Materials and Methods

HfC (<1.25 μm, Sigma Aldrich, Darmstadt, Germany) and (−325 mesh, American Elements, Los
Angeles, LA, USA), Mo2C (−325 mesh, Alfa Aesar, Haverhill, MA, USA) and (2.6μm, Nanografi, Ankara,
Çankaya), TaC (−325 mesh, Alfa Aesar, Haverhill, MA, USA) and (1μm, US Research Nanomaterials,
Houston, TA, USA), TiC (5 μm, H.C. Starck, Munich, Germany) and (2 μm, Alfa Aesar, Haverhill, MA,
USA) and B4C (1–7 μm, Alfa Aesar, Haverhill, MA, USA) were utilized to synthesize high-entropy
ceramic composites. Starting materials with different particle sizes were mixed following the designed
recipe, with a molar ratio of 2:1:2:2:2. The powder mixture was homogenized in a ball milling machine
for two hours, using 4 mm stainless steel balls as a milling media and a powder to ball mass ratio
of 1:5. The homogenized powder mixture was filled into a graphite die with a diameter of 10 mm
and prepressed before sintering. The sintering was conducted in SPS-530ET (Dr. Sinter Spark Plasma
Sintering System, Fuji electronic industrial Co., Ltd., Tsurugashima, Japan) in a glovebox. The samples
were heated to 1800 ◦C with a heating rate of 100 ◦C/min and then held at 1800 ◦C for 5 min under
vacuum. A uniaxial pressure of 60 MPa was applied during the process.

Before the microstructure characterization and phase identification, the samples were cold
mounted in epoxy and polished following standard metallurgical sample preparation procedures. The
microstructure was observed using a Scanning Electron Microscope JSM-IT300 (JEOL, Tokyo, Japan)
operating at an acceleration voltage of 15 kV. The elemental composition was analyzed using energy
dispersive spectrometer (EDS) mounted on JSM-IT300 that was calibrated with Cobalt. X-ray diffraction
(XRD) was conducted using an X-ray diffractometer (Empyrean, PANalytical, Malvern, UK) with
Cu-Kα radiation (wavelength 0.154 nm). The scanning was performed from 5 to 120◦ (2 Theta), with a
step size of 0.02◦. The XRD data was investigated using the software PANalytical X’Pert HighscorePlus
with the PDF-4 database. The nanohardness of sintered HEC composites was determined using an
MTS NanoIndenter XP with a Berkovich diamond indenter. The measurements were performed with a
maximum load of 100 mN at ambient temperature in air. The force-displacement curves of the indenter
were recorded. Due to different phase distribution and grain sizes in the microstructure of the PCP
samples, the nanohardness values for sample 4-HEC and 5-HEC were obtained by performing at least
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5 measurements at specific regions based on the optical microscope mounted on MTS NanoIndenter XP,
while the hardness values for sample HEC(+) and HEC(fine) were obtained by performing matrixes
indentations and calculating the average value from indentations that were not located in porosity.

3. Results and Discussions

3.1. Effect of B4C Addition into (HfMoTaTi)C

The microstructure of the quaternary HEC composite (4-HEC) sintered from HfC, Mo2C, TaC,
and TiC shows two distinct phases, as shown in Figure 1. The bright phase with a size of 1–5 μm
is dispersed uniformly in the dark matrix phase in Figure 1b. Based on the energy-dispersive X-ray
spectroscopy (EDS) mapping analysis in Figure 1g, the bright phase is rich in Ta whilst the dark phase
contains all constitutional elements Hf, Mo, Ta, Ti and C. Because of the sensitivity of backscattered
electron detector (BED) to the atomic number, phases with different densities appear with different
contrast in the BED microstructure. The constituent carbides show a vast difference in the densities,
from 14.62 g/cm3 for TaC, 12.2 g/cm3 for HfC, 9.18 g/cm3 for Mo2C to 4.93 g/cm3 for TiC, therefore
the consistent contrast of the dark region in the Figure 1b implies that it represents the quaternary
ceramic phase containing all constitutional elements Hf, Mo, Ta, Ti, and C. The average atomic ratio of
each phase obtained by performing EDS point analysis on several point locations are listed in Table 1.
As EDS lacks the accuracy of quantitative analysis of light elements [16], the atomic ratio of the four
metals is normalized to Ta. The results show that the bright phase contains Ta and C as the dominating
elements and a minor amount of Mo and trace amount of Hf and Ti, while the dark phase contains all
four metal elements with a relatively lower amount of Ta. According to the X-ray diffraction (XRD)
data in Figure 1a, the PCP 4-HEC composite consists of two face-centered cubic (FCC) crystal structures
with similar lattice parameters (a1 = 0.4429 nm, a2 = 0.4399 nm), as marked in the inset in Figure 1a.
The BED microstructure, EDS analysis and XRD data, Figure 1 and Table 1, suggest the formation
of high-entropy FCC solid solution containing all constitutional elements. In the previous work on
high-entropy ceramic B4(HfMo2TaTi)C [14], it has been reported that TaC has the lowest metal vacancy
formation energy among the precursor carbides, thus it acts as the solvent FCC lattice during the
formation of the high-entropy phase [7], i.e., constituent atoms except Ta diffuse into the vacancies
in the TaC lattice to form the multicomponent solid solution. Therefore, the Ta-rich phase and the
high-entropy phase can be regarded as intermediates in the phase transformation from constitutional
carbides to the hexagonal high-entropy ceramic phase. The multicomponent interdiffusion induces
TaC lattice distortion, which in this case results in the reduction in the initial lattice parameter of TaC,
0.4460 nm (ICDD reference pattern of TaC: No. 03-065-0282). Based on the quantitative results shown
in Table 1, the high-entropy phase with higher content of Hf, Mo, and Ti metal atoms experience
intense atomic diffusion compared to the Ta-rich phase. Hence, in the quaternary high-entropy phase,
the atomic position exchange between Ta and other metal atoms with similar or smaller atomic radii
results in a smaller lattice parameter (0.4399 nm) than the TaC-rich phase (0.4429 nm). Furthermore,
the high-entropy phase shows a hardness of 28.4 GPa, which is 23.5% higher than that of the Ta-rich
phase (23 GPa) as shown in Figure 2, due to the lattice distortion induced strain strengthening effect.
This result is in line with the previous reports on high-entropy materials [6,7].
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Figure 1. XRD patterns and backscattered electron microstructure of PCP 4-HEC (a,b) and 5-HEC
composite (d,e), and the EDS mapping analysis (g); (c) shows the volume change of the material during
sintering; (f) is the EDS qualitative spectra on different phases of 5-HEC.

Table 1. The quantitative analysis of the metal atom contents, the crystal structure identification of
different phases in 4-HEC and 5-HEC.

Compositional Elements

4-HEC 5-HEC/HEC(++)

Ta-Rich Phase
(Bright)

High-Entropy
Phase (Dark)

Ta-Rich Phase
(Bright)

HEC1 (Gray) HEC2 (Dark)

Hf - 2.5 - 0.8 1.7
Mo Minor 2.4 Minor 1.7 3.3
Ti - 1.8 - 0.6 7.7
Ta Major 1 Major 1 1

Crystal structure FCC FCC FCC FCC Hexagonal
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Figure 2. Elastic recovery parameter (ERP), nanohardness and the Young’s modulus of the PCP HECs.
The nanohardness values refer to the FCC solid solution in 4-HEC, 5-HEC, and average hardness
properties for HEC(+) and HEC(Fine).

The curve of Z-axis displacement as a function of temperature was recorded during the PCP.
As shown in Figure 1c, the decline of Z-axis refers to the thermal expansion of the material, while
the up-climbing region corresponds to the shrinkage of the bulk volume. The reduction of the
volume typically refers to the occurrence of sintering phenomenon where the powder material
becomes compacted and forms a densified solid mass. Since the sintering temperature of powder
material is normally 2/3–3/4 of the melting point [17], the theoretical sintering temperature for current
quaternary refractory carbide mixture should be above 1800 ◦C. Figure 1c shows that the shrinkage
of the four-component carbide system 4-HEC takes place from 1000 ◦C to 1600 ◦C, while the same
phenomenon for the 5-HEC composite was postponed to a higher temperature range 1370 ◦C–1690 ◦C.
This indicates that the addition of B4C to the carbide system hinders the solid-state atomic diffusion
required for sintering in the multicomponent carbides, leading to a delay of the formation of the
high-entropy ceramic phase. A detailed investigation on the sintering behavior of ceramic precursors
to form high-entropy ceramic composites will be reported later, elsewhere.

The addition of B4C to the precursor carbides resulted in the formation of multiple phases during
PCP. According to the backscattered electron microstructure in Figure 1e, the PCP 5-HEC composite
exhibits three distinct phases. Similar to the 4-HEC, the brightest phase in 5-HEC is rich in Ta, which
is coordinated with the fact that Ta has the highest atomic number among the constituent elements,
therefore, the Ta-rich phase appears as the brightest phase in the BED microstructure. Two high-entropy
solid solutions with different elemental compositions were formed in the five-component system,
5-HEC. The atomic ratio of metal atoms Hf, Mo, Ta and Ti in the gray (HEC1) and dark phase (HEC2)
in Figure 1e are shown in Table 1, with HEC2 showing higher content of the solute metal atoms (Hf,
Mo, and Ti) in the structure. The higher content of Ti in HEC2 agrees more with the darker contrast of
HEC2 than HEC1 in the microstructure, as Ti has the smallest atomic number among the constitutional
metal elements. According to the bond dislocation enthalpy (BDE) of transition metal carbides at 298
K [18], Ti-C has the lowest BDE of 423 ± 30 KJ/mol among the solute carbides, while Mo-C2 and Hf-C
have a BDE of 500 and 540 ± 25 KJ/mol, respectively, and the covalent atomic radii vary as Ti <Mo <
Hf. These factors might contribute to preferable diffusion of Ti over Mo and Hf during the formation
of the multicomponent solid solution, resulting in the metal content ratio in HEC2 phase as Ti >Mo
>Hf in Table 1. A pronounced boron diffraction peak in the EDS pattern was revealed at the HEC2

phase (Figure 1f), suggesting that HEC2 experienced a more intensive diffusion of B atoms than HEC1.
Additionally, the diffractions peaks of B4C were not detected in the XRD diffractogram of the 5-HEC
composite in Figure 1d, suggesting the participation of B4C in the formation of high-entropy solid
solutions. However, the diffusion priority of Ti, Mo and Hf was not observed in the high-entropy
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phase in the 4-HEC composite and HEC1 phase in 5-HEC, suggesting that the incorporation of B4C to
the transition metal carbides might have promoted the diffusion process of the metal atoms towards a
more energetically favorable state.

The XRD data in Figure 1d shows that the 5-HEC composite contains both FCC and hexagonal
structured phases. Similar with the 4-HEC, the FCC pattern is generated from diffraction of two FCC
crystal structures with similar lattice parameters, including the presence of an FCC Ta-rich phase.
Based on the aforementioned discussions, the HEC1 phase that contains a lower content of the solute
atoms should have a closely-matched crystal structure and lattice constant with the solvent TaC lattice
due to the reduced atomic position change in the host lattice corresponding to an FCC structure, while
the HEC2 phase corresponds to the hexagonal structure. The HEC1 phase shows a lattice parameter
of 0.4499 nm, which is slightly greater than that of TaC (0.4460 nm). Assuming that the HEC1 is
formed from only transition metal carbides, the lattice parameter should decline as observed in the
FCC high-entropy solid solutions in 4-HEC composite (Figure 1a). It is known that the metal-boron
bond length is longer than metal-carbon bond length, for example, Ta-C = 2.22 Å [19] and Ta-B = 2.41
Å [20], the expansion of the lattice can be contributed by the addition of B atoms in the formation of an
HEC2 solid solution. The formation of high-entropy solid solutions HEC1 and HEC2 that contain all
constitutional elements confirms the possibility of processing high-entropy ceramics from a precursor
system containing more than one nonmetal atoms and with different crystal structures. The formation
of hexagonal structure is likely to be attributed to more B atoms diffusing in the FCC lattice, which
induces more severe lattice distortion and consequently leads to the crystal structure change from FCC
to a hexagonal structure. In the 5-HEC composite, the FCC structured HEC1 solid solution shows a
nanohardness of 27.4 GPa and Young’s modulus of 505.8 GPa, which is close to the FCC solid solution
phase in 4-HEC (28.4 GPa and 495.2 GPa for nanohardness and Young’s modulus, respectively).

3.2. Effect of Different Starting Particle Sizes

It is well known that the particle size of the precursors is an essential parameter influencing the
atomic diffusion and phase evolution during solid-state sintering in PCP [15]. Fine particles promote
the solid-state atomic diffusion by reducing the diffusion distance and promote the kinetics of phase
transformation [21,22]. To investigate the effect of particle size on the formation of high-entropy
ceramics, the same carbide systems with different particle sizes are sintered in PCP (as listed in Table 2).
5-HEC that utilized relative larger particle sizes of solute metal carbides (HfC, Mo2C, and TiC) is
discussed in the previous section and is denoted as HEC(++) in the following discussion. HEC(fine)
and HEC(+) contains precursor carbides with the finest particle sizes and a larger particle size of the
solvent carbide (TaC), respectively.

Table 2. Precursors with different particle sizes are utilized to study the effect on the phase evolution.

Component HEC(++) HEC(+) HEC(Fine)

B4C 1–7 μm 1–7 μm 1–7 μm
HfC −325 mesh <1.25 μm <1.25 μm

Mo2C −325 mesh 2.6 μm 2.6 μm
TiC 5 μm 2 μm 2 μm
TaC <1 μm −325 mesh <1 μm

The microstructure of the PCP HEC(+) and HEC(fine) show the presence of two phases in Figure 3.
According to the compositional mapping analysis in Figure 3d, all four metal elements are distributed
in bright and dark phases. The spot-shaped mapping for C is attributed to porosity in the samples,
which possibly caused the diamond polishing agents being introduced during the sample preparation
procedure. For both PCP HEC(+) and HEC(fine) sample, the bright phase is rich in Ta and Hf while the
dark phase contains a greater amount of Mo and Ti. The quantitative analysis results of the selected
areas in Table 3 show that these two phases are high-entropy solid solutions with different elemental
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compositions. The average atomic ratios are normalized to Ta. The bright phase is rich in Ta, while the
dark phase has a higher content of other metals (Ti >Mo >Hf ≈ Ta). Based on the discussion about
BED microstructure of different transition metal carbides, the dark region with a higher solute metal
content refers to more equilibrium composition and a higher extent of phase transformation towards
the high-entropy solid solution.

Figure 3. Microstructure (a,b) and X-ray diffraction phase identification (c) and EDS mapping analysis
(d) of PCP HEC(+) and HEC(fine).

Table 3. The quantitative analysis of the metal atom contents of different phases in HEC(+) and
HEC(fine).

Compositional Elements
HEC(+) HEC(fine)

Bright Phase Dark Phase Bright Phase Dark Phase

Hf 0.4 1.2 1 1.1
Mo 0.8 1.9 0.7 2.0
Ti 0.2 2.3 0.8 2.8
Ta 1 1 1 1

Crystal structure FCC Hexagonal FCC Hexagonal

The XRD patterns of HEC(+) and HEC(fine) show high similarity (Figure 3c). Similar to the
diffractogram of HEC(++), the PCP HEC(+) and HEC(fine) composite reveal diffraction patterns from
two FCC and one hexagonal structure. Since the elemental mapping from each region with a constant
contrast shows a homogenous distribution of constituent elements, a possible reason why the third
phase is not distinguishable in the microstructure is that the two FCC phases have indistinguishable
contrast in BED images, which suggests that these phases have a similar atomic composition. As the
bright phase with less content of foreign atoms (except Ta), it refers to the component with less lattice
distortion, therefore it is extrapolated to retain a FCC crystal structure, whilst the dark phase exhibits a
hexagonal structure.

For the solid-state phase transformations, the starting particle size has been reported to have a
strong influence on the reaction kinetics by tuning the contact area between the solid particles [23–25].
Therefore, it was expected that PCP HEC(fine) with finest starting particle size should have a more
promoted phase transformation than HEC(+) and HEC(++) which were fabricated with the same
sintering route and sintering conditions. Comparing HEC(fine) with HEC(+), the results show high
similarity in the microstructures and phase composition (Figure 3). Both composites consist of a
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FCC and a hexagonal crystal structure, with high-entropy solid solutions. With HfC having the
lowest formation enthalpy (−1.826 eV) [14] and highest BDE (9.18 g/cm3) among the precursors [18],
the promotion of the solid-state diffusion can be observed by the increased Hf content in the FCC
phase in HEC(fine) than HEC(+) (Hf/Ta = 1 and 0.4, respectively) according to the EDS quantitative
results in Table 3. On the other hand, HEC(++) has a complicated phase composition compared to
HEC(fine). The Ta-rich phase, representing the least diffusion, was observed in HEC(++) (Figure 1e).
A lower fraction of the hexagonal structured high-entropy solid solution in HEC(++) composite can be
concluded from the microstructure and lower intensity of X-ray diffraction peaks (for example at 2θ
= 44.2◦) in Figure 3c. Therefore, the degree of diffusion is assumed to be in the order of HEC(++) <
HEC(+) ≈HEC(fine). The results suggest that the particle size of solvent carbide TaC is not as essential
as the solute carbides in terms of tailoring the phase composition in the multicomponent carbide
system. Due to the porosity and small grain size, the nanoindentation testing of HEC(+) and HEC(fine)
composites were obtained from 30 indentations, therefore the data represents the overall mechanical
properties of the bulk materials instead of each individual high-entropy phase. Although the PCP
HEC(fine) and HEC(+) show the same phase composition and similar microstructure, the HEC(fine)
composite sintered from precursors with finest grain size shows improved nanoindentation hardness
of 23.1 GPa compared to the PCP HEC(+) composite (21.4 GPa). The experimental hardness value
is close to the theoretical hardness calculated from the rule of mixture (23.2 GPa). The enhancement
of the hardness caused by utilizing small starting particle size during sintering has been reported
before [26]. Moreover, Young’s modulus of HEC(fine) improves from 380.7 GPa for HEC(+) to 401 GPa,
suggesting stronger atomic bonding in the HEC(fine) composite.

4. Conclusions

A high-entropy ceramic (HEC) composite was synthesized from HfC, Mo2C, TaC, and TiC by
pulsed current processing (PCP). The PCP 4-HEC composite contained a high-entropy phase and a
Ta-rich phase. Both constituents showed a face-centered cubic (FCC) structure and corresponded to
the different extent of phase transformation towards a high-entropy phase. By introducing B4C in the
HEC composite, high-entropy solid solutions that contained all principal elements (including B) were
formed. The high-entropy phase with less intense interdiffusion remained FCC structure as the solvent
carbide, TaC, while the one with more complete phase transformation experienced crystal structure
change from FCC to a hexagonal structure. The results showed the feasibility of synthesizing HEC
materials from the multi-principal ceramic system with different crystal structures.

In order to investigate the effect of different particle sizes of solvent and solute components on the
phase composition and properties, HEC composites fabricated from precursors with different size of
solvent (TaC) and solute carbides (with face-centered cubic (FCC) structure) were PCP consolidated
and characterized. The particle size of the solvent carbides was found to be more essential for the
interdiffusion process and final phase compositions than that of the solute carbide. HEC composites
processed from the fine particle size of solvent carbides HfC, Mo2C, and TiC showed a higher
content of the hexagonal structured HEC phase. On the other hand, reducing the TaC particle size to
nanoscale showed negligible influence on the phase composition, but resulted in enhancement of the
microhardness from 21.4 GPa to 23.1 GPa.
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Abstract: A novel metal matrix composite based on the NbMoCrTiAl high entropy alloy (HEA) was
designed by the in-situ formation method. The microstructure, phase evolution, and compression
mechanical properties at room temperature of the composite are investigated in detail. The results
confirmed that the composite was primarily composed of body-centered cubic solid solution with
a small amount of titanium carbides and alumina. With the presence of approximately 7.0 vol. %
Al2O3 and 32.2 vol. % TiC reinforced particles, the compressive fracture strength of the composite
(1542 MPa) was increased by approximately 50% compared with that of the as-cast NbMoCrTiAl
HEA. In consideration of the superior oxidation resistance, the P/M NbMoCrTiAl high entropy alloy
composite could be considered as a promising high temperature structural material.

Keywords: high entropy alloys; metal matrix composites; mechanical properties

1. Introduction

Recently the concept of high-entropy alloys (HEAs), consisting of four or more principle metallic
elements in equiatomic or near-equiatomic ratios, has attracted considerable interest owing to
its tendency to form solid solution with outstanding mechanical and functional properties [1–6].
By introducing refractory elements including group IV (Ti, Zr, and Hf), V (V, Nb, and Ta), and VI (Cr,
Mo, and W) in HEAs, the developed refractory HEAs (RHEAs) possess high melting temperature,
outstanding strength and hardness, high thermal stability, and softening resistance at elevated
temperatures, which opens up the possibilities of the alloy developments satisfying structural demands
at high temperature.

Since the first WMoTaNb RHEA was reported in 2010, many literatures have been focused on the
preparation methods and mechanical properties of RHEAs [7,8]. For example, the BCC WMoTaNb and
WMoTaNbV HEAs maintained yield strength of 405 and 477 MPa at 1600 ◦C respectively, which were
much higher than that of Inconel 718 and Haynes 230 [9]. However, most of these RHEAs are generally
characterized with high density and poor high temperature oxidation resistance. Such drawbacks are
the current bottleneck for utilizing RHEAs as structural materials. In order to improve the oxidation
resistance properties of the RHEAs, it was reported that the Ti, Al, Cr, and Si elements are essential
for the formation of protective oxide scales. Compared with the traditional alloys, it was widely
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reported that the RHEAs possessed low diffusivity as well as a wider range of composition design [10].
In addition, it was also reported that the density of RHEAs could be significantly reduced by the
additions of light elements, such as Ti [11,12]. Therefore, on the basis of design principles above,
a new RHEA with equiatomic composition of NbMoCrTiAl was designed by B. Gorr et al. [13,14].
The as-cast alloy with low density (7.58 g/cm3) exhibits excellent oxidation resistance. The declining
oxidation rate at 1100 ◦C was mainly due to the formation of Al, Cr-rich oxide layers. However,
the compressive strength of the as-cast NbMoCrTiAl alloy was reported to be as low as 1010 MPa and
its high temperature strength is insufficient.

As reported in the literature, most of the RHEAs were prepared by the arc melting
process. These as-cast alloys generally exhibited a dendritic structure with severe composition
segregation [11–13]. Powder metallurgy (P/M), which is considered a high efficiency technique,
is widely used to synthesize non-equilibrium materials. The materials characterized with fine grains
are without chemical segregation and evaporation of alloying elements caused by arc-melting [15,16].
As reported, P/M WMoTaNbV shows fine grains of micrometer-scale and ultra-high compressive
yield strength of 2612 MPa [17]. Therefore, it is an effective way to prepare high performance RHEAs.

Another prospective candidate for the high strength structural materials was the metal matrix
composite (MMCs). The high performance was mainly attributed to the interaction between the
particles and dislocations, called dispersion strengthening effect and second-phase strengthening effect.
As the NbMoCrTiAl matrix is selected, the crucial challenge is to select the suitable strengthening
phase and numbers of papers can be used as references [18–21]. The reinforcement particles include
carbides (TiC, SiC), oxides (Al2O3, Y2O3), nitrides, (Si3N4, BN), and borides (TiB2, LaB6). There are
mainly two ways to prepare carbides and oxides strengthened composites. One simple measure is to
add them directly, another way is to form in-situ carbides or oxides by introducing C and O elements,
which can effectively reduce material defects like pores and cracks. It was reported that the TiC
and Al2O3 are also commonly used as strengthening phases because of their intrinsic high strength
characteristics [22,23].

In this work, in order to further increase the strength of NbMoCrTiAl RHEA, the P/M composite
with dispersed carbides and oxides was developed through ball milling and spark plasma sintering
(SPS) method. The phase constitutions, microstructures, and mechanical properties of the NbMoCrTiAl
HEA composite were investigated in detail.

2. Materials and Methods

Powders of Nb, Mo, Cr, Ti, and Al with purity higher than 99.5 wt. % and particle size of ≤45 μm
were used as starting materials. The elemental powder was mixed in equiatomic composition and
then processed by high energy planetary ball milling for 39 h at 300 rpm in a pure argon atmosphere
(YXQM-2L, MITR, Changsha, China). Tungsten carbide vials and balls were utilized as the milling
media with a ball-to-powder ratio of 10:1. The empirical addition amount of stearic acid was 3.5 wt. %.
The stearic acid was introduced as process control agent (PCA) to prevent cold welding as well as
particle agglomeration, and also acted as additive for generating particulate reinforced HEA composite.
Subsequently, the as-milled powders were consolidated by SPS (D25/3, FCT, Munich, Germany) under
30 MPa axial pressure at 1700 ◦C with the heating rate of 100 K/min. During the sintering process,
the sample was held at the sintering temperature for 30 min. Finally the sample cooled to room
temperature in furnace.

The samples after sintering were analyzed by X-ray diffraction (XRD, D/MAX-2250, Rigaku,
Tokyo, Japan) with a Cu Kα radiation at 40 kV and 200 mA. The microstructure of the composite
was characterized by field emission scanning electron microscope (FESEM, Quanta FEG250, FEI,
Hillsboro, OR, USA). The approximate volume fraction and average grain size of different phases
was evaluated by at least ten images using Image Pro software. The phase composition and element
distribution were investigated with electron probe microanalysis (EPMA, EPMA-1600, JEOL, Tokyo,
Japan). Microhardness of the sample was measured by a Vickers microhardness tester (MicroMet-5104,
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Buehler, Lake Bluff, IL, USA) with an indenter load of 100 g and the holding time was 15 s. Cylindrical
specimens of compression tests (4 mm in diameter and 6 mm in height) were cut and machined from
the sintered bulk. Room temperature compression tests were carried out on an Instron-3369 (INSTRON,
Norwood, MA, USA) universal testing machines at strain rate of 10−3 s−1.

3. Results

3.1. Microstructure and Phase Evolution after SPS

The general microstructure of the HEA composite is shown in Figure 1. The specimens are
highly densified by the reaction sintering process without visible pores. The composite presented
three obviously identifiable contrasts, namely light, grey, and black regions (marked as A, B, and C).
The volume fraction of the light phase, grey phase, and black phase are 60.8%, 32.2%, and 7.0%,
respectively. Since the content of carbon and oxygen cannot be measured accurately by EDS, EPMA
experiment was employed to analyze the chemical composition in these areas (Table 1). The results
indicate that the region A consists of only 10.66 at. % Ti and 16.79 at. % Al, while Ti and Al atoms are
enriched in the region B and C, respectively. Noticeably, the region C in Figure 1 was enriched in Al
and O, indicating the formation of Al2O3.

 

Figure 1. Microstructure of the NbMoCrTiAl composite after spark plasma sintering at 1700 ◦C for
30 min under a pressure of 30 MPa.

Table 1. Chemical composition of high entropy alloy (HEA) composite determined by electron probe
microanalysis (EPMA) analysis.

Region Nb Mo Cr Ti Al O C

A 20.29 30.95 19.34 10.66 16.79 0.69 1.28
B 15.40 - - 43.13 - 12.11 29.36
C - - - - 38.13 61.87 -

The XRD patterns of the RHEA composite were illustrated in Figure 2. Two types of characteristic
diffraction peaks could be identified, indicating the present material is primarily composed of BCC
crystalline structure (a = 0.315 nm) with diffraction peaks at 2θ = 43.66◦, 50.82◦ 74.67◦ accompanied
with a certain amount of TiC phase (a = 0.435 nm) as the reinforcing phase. Al2O3 cannot be detected
by X-ray analysis, which was probably ascribed to the limit detection of 5%. In consideration of the
EDS analysis results, it could be concluded that the light, grey, and black phase were identified as BCC
HEA phase, TiC phase, and Al2O3 phase, respectively. The average particle size of TiC and Al2O3 were
measured to be approximately 4.60 μm and 1.57 μm, respectively.
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Figure 2. XRD pattern of the NbMoCrTiAl composite.

In order to further investigate the element distribution, the element mapping of the RHEA
composite was shown in Figure 3. It was clear that the Mo and Cr elements are enriched almost
entirely in the light region (BCC phase). On the contrary, the Ti and C elements are enriched almost
entirely in the grey region (TiC phases) with certain amount of Nb, while O and Al are enriched in the
black region (Al2O3 phase). No apparent debonding between dispersed particles and the HEA matrix
could be found, which suggested that the secondary phase grains and the HEA grains possessed
good bonding.

 

Figure 3. The elemental mapping of the composite obtained by electron probe microanalysis (EPMA).

3.2. Mechanical Properties

The room temperature engineering stress-strain curves of the Nb20Mo20Cr20Ti20Al20 composite
was given in Figure 4. Despite no ductility, the fracture strength of the composite was 1542 MPa,
increasing by more than a half than that of the as-cast alloy (1010 MPa) [13]. The fracture strength was
also much higher than that of the traditional WMoTaNb and WMoTaNbV RHEAs [24], which have
yield strengths of 1246 MPa and 1058 MPa, respectively, as shown in Figure 4. As a result of the
plasticity and oxidation resistance of the NbMoCrTiAl matrix at high temperature, it was concluded
that the P/M NbMoCrTiAl HEA composite had relatively superior mechanical properties and could
be considered as a potential high temperature structural material [25].
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Figure 4. The room temperature engineering stress-strain curves of the composite and typical RHEAs
reported in the literatures [13,24].

Microstructure features of the fracture surface of the composite deformed at room temperature
are shown in Figure 5. Cleavage fracture is featured by river pattern, which could be clearly seen in
Figure 5. This means that the NbMoCrTiAl HEA composite shows typical cleavage fracture mode
without ductility. The analysis result is in accordance with the deformation curves above.

 

Figure 5. Microstructure features of the fracture surface of the composite deformed at room temperature
(a) at low magnifications and (b) high magnifications.

4. Discussion

4.1. Phase Formation

Although a lack of HEA phase diagrams limit the availability of thermodynamic data,
some thermodynamic properties, such as atomic size, melting point, mixing entropy, mixing enthalpy,
and valence electron concentration, can be used as criteria to predict the phase formation in the HEA
system. According to the empirical rules, BCC solid solutions were generally formed in HEA systems
under the following certain conditions. (1) The electron concentration (VEC) was lower than 6.87 [26];
(2) a new parameter combining effects of entropy and enthalpy (Ω) was proposed to be more than 1
and atomic size differences (δ) was less than 6.6% [27]. δ, Ω, and VEC are calculated to be 5.4, 2.92
and 4.80 respectively, so BCC solid solution could be anticipated, which tallied well with the research
results produced by H. Chen et al. [13]. Guo et al. [28] further proposed that all ductile alloys have a
VEC ≤ 4.4, while all brittle alloys have a VEC ≥ 4.6. Therefore, the NbMoCrTiAl RHEA should be
without ductility and it is indeed a type of brittle RHEA.

As mentioned above, BCC phase, TiC phase, and Al2O3 phase can be observed in Figure 1.
The actual composition of BCC phase is Nb20.3Mo31.0Cr19.3Ti10.7Al16.7, ignoring the contributions
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made by interstitial elements of carbon and oxygen. According to the actual composition of the
BCC high entropy phase, all the parameters calculated for the composition presented in this paper
are summarized (δ = 5.6, Ω = 3.46, VEC = 4.96). According to the data, the HEA phase should be
of BCC structure, and Figure 2 verifies accuracy of the prediction. As a result, we could confirm
that such non-equiatomic phase composition is able to enhance the solid solution especially at high
temperature [29].

Combining high energy ball-milling of powder precursors with the following SPS compaction,
the HEA composite was successfully synthesized in this work. The addition of stearic acid can be
used as an effective way for the preparation of composite materials. During the process of high
energy ball-milling, PCA is used to not only prevent cold-welding, but also act as the source of the
elements carbon and oxygen. Table 2 shows the values of Hmix (kJ/mol) calculated by Miedema’s
model for atomic pairs between elements with Nb, Mo, Cr, Ti, Al, and C. As shown in Figure 2,
this certain concentration of Nb incorporated during grain growth agrees with the large solubility of
solute Nb-carbide in solvent TiC mainly because of their largest negative value of Hmix and identical
crystal structure. While Mo, Cr, and Al could not dissolve in the TiC due to their relatively weak
cohesive force [30].

Table 2. Mixing enthalpies (kJ/mol) of unlike atomic pair [30].

Nb Mo Cr Ti Al C

Nb -
Mo −6 -
Cr −7 0 -
Ti 2 −4 −7 -
Al −18 −5 −10 −30 -
C −102 −67 −61 −109 −36 -

4.2. Strengthening Mechanism

The composite created a kind of material with highly improved compressive strength, increasing
from 1010 MPa to 1542 MPa. This remarkable increase in mechanical properties can be attributed to the
following reasons. The most important one is the effect of second phase strengthening. It can be found
that introduction of brittle ceramic reinforcements would significantly increase mechanical properties
of the material. As listed in Table 3, the yield strength of (FeCrNiCo)Al0.7Cu0.5 base HEA reached 630
MPa accompanied by a high strain of 42.7%. With the addition of 10 vol. % TiC, the yield strength
increased to 1290 MPa, while plastic strain dropped to 29.2% [31]. FeCoCrNiMn high entropy alloy
matrix nanocomposite with addition of SiC was prepared by hot isostatic pressing, which result in the
value of yield strength increased to 1600 MPa [18]. In addition, the interphase boundary between the
in-situ reinforced particles and the solid solution matrix is free of cracks and pores, resulting in the
more possibilities for the design of advanced high strength structural components.

Table 3. Room temperature mechanical properties of HEAs and their composites.

Sample σy (MPa) σmax (MPa) εp (%) Hardness (HV)

(FeCrNiCo)Al0.7Cu0.5 [31] 630 2270 42.7 313
(FeCrNiCo)Al0.7Cu0.5 + 10 vol. % TiC [31] 1290 2444 29.2 580

FeCoCrNiMn [18] 1180 2660 34.5 418
FeCoCrNiMn + 5 wt. % SiC [18] 1600 1930 6.8 545

Another main factor is grain refinement strengthening mechanism. The grain size of the
as-homogenized NbMoCrTiAl phase is about 100 μm, while that of the composite is much lower.
This is because the PM process is an effective approach to refine grains compared to arc-melting [16].
In addition, the hard phases evenly distributed at the grain boundary, acting as the barrier of grain
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growth. Praveen et al. [32] reported that the grain growth of the FeCoCrNi composite could be
obviously suppressed by two-phase mixture (FCC-HEA and carbide) microstructure.

The third reason is the influence of solution strengthening. It is true that the solution element
could have remarkable strengthening effect. In this study, the BCC phase contains 0.69 at. % O and
1.28 at. % C, which may cause significant increase in strength because these two interstitial atoms
have a substantially smaller size than any of the metal atoms in the HEA. These interstitial atoms
will produce a substantial strain field, with which gliding dislocations will interact. There have been
studies on the influence of interstitial elements, such as element C, O, and N. Wang et al. [33,34]
reported that the addition of 1.1 at. % carbon to a novel single-phase FCC Fe40.4Ni11.3Mn34.8Al7.5Cr6

HEA not only markedly increased the yield strength from 159 MPa to 355 MPa, but also led to a
25 % increase in the elongation to fracture. An increase in yield strength was also observed in the
C-dissolved FeCoCrNi fabricated by selective laser melting [35]. With regard to the carbide, the lattice
constant of TiC (0.435 nm) is slightly larger than pure TiC (0.433 nm). The different crystal parameter
may result from the solution of atoms with large radius, such as element Nb (r = 0.148 nm) in this
composite. Therefore, we may reasonably conclude that solution-strengthening effect resulted in the
improved mechanical properties.

5. Conclusions

1. A novel metal matrix composite based on the NbMoCrTiAl high entropy alloy (HEA) was
designed by the in-situ formation method. Strengthening phases include TiC particles and Al2O3

particles. The volume fraction of the BCC phase, TiC phase, and Al2O3 phase were 60.8%, 32.2%,
and 7.0%, and the average particle size of TiC and Al2O3 were measured to be approximately
4.60 μm and 1.57 μm, respectively.

2. The Mo and Cr elements are enriched almost entirely in the BCC phase. By contrast, the Ti and C
elements are enriched almost entirely in the TiC phases with certain amount of Nb, while O and
Al are enriched in the Al2O3 phase. No apparent debonding between dispersed particles and
the HEA matrix could be found, which suggested that the secondary phase grains and the HEA
grains possessed good bonding.

3. The composite created a kind of material with highly improved compressive strength (1542 MPa)
compared with that of the as-cast NbMoCrTiAl alloy (1010 MPa). On the basis of microstructure
features of the fracture surface, typical cleavage fracture mode was found in the composite.
The remarkable increase in mechanical properties can be attributed to second phase strengthening
effect, grain refinement and solid solution effect.
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Abstract: This study reports the results of the addition of diamonds in the sintering process of a
FCC-structured CoCrFeNiMo high-entropy alloy. The effect of raw powder states such as elemental
mixed (EM) powder, gas atomization (GA) powder and mechanical alloying (MA) powder on the
uniformity of constituent phase was also investigated. Examination of microstructure and evaluation
of mechanical properties of the composites depending on the mixing processes were performed. As a
result, GA+MA powder composite showed the highest mechanical properties. The experimental
results indicated that the powder manufacturing method was an essential parameter to determine
the quality of HEA/diamond composites such as the uniformity of phase and binding behavior.

Keywords: high-entropy alloy; diamond; composite; powder metallurgy; spark plasma sintering

1. Introduction

Nowadays, with the rapid development of advanced manufacturing techniques, especially in
aerospace, photovoltaics, electronics and communications, there is growing demand for diamond
tools [1,2]. Traditionally, diamond tool materials were prepared either by cold-pressing or
pressing-and-sintering of a combination of single metal and pre-alloyed powders together with a matrix
material, considering the poor thermal stability of diamond and limitations of molding processes, and it
is difficult to guarantee the stability and consistency of performance of the matrix materials [3,4]. A new
class of materials known as high-entropy alloys (HEAs) have attracted considerable interest by virtue
of their outstanding mechanical properties such as high strength, wear and corrosion resistance [5–9].
Unlike a traditional multi-component matrix material, a HEA has a simple crystal structure without
any complex phases. HEAs are expected to be adopted increasingly in diamond tools, owing to their
impressive features with regard to stability of composition, microstructure, and mechanical properties.
FeCoCrNi is considered as one of the most stable HEA alloys [10]. It can be a good matrix material
to facilitate the study of the microstructure interface between the HEA matrix and diamond and the
mechanical properties of the resulting HEA/diamond composites [11].

At present, the methods of preparing high-entropy alloy powders are mainly gas atomization
(GA) and mechanical alloying (MA), and there are also some elemental mixed (EM) methods [12–14].
Different preparation methods have different effects on the shape, particle size and composition
uniformity of the HEA powders. The purpose of this study is to investigate the effect of powder state
(GA, GA + MA and EM + MA) on the microstructure and mechanical properties of HEA/diamond
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composites, so as to improve the strength, hardness and wear resistance of the composites and enhance
the service life of diamond tool materials.

2. Materials and Methods

The investigated HEA matrix of FeCoCrNiMo with a nominal composition (Fe24.1Co24.1Cr24.1

Ni24.1Mo3.6 in wt.% was prepared using powder metallurgy. FeCoCrNiMo alloy powders were
prepared by gas atomization, and were labeled as GA powders. The GA powders were mechanically
milled using conventional planetary ball-milling equipment (the ratio of ball/powders was 10:1,
300 r/min, 20 h), the powders obtained by gas atomization and ball milling were labeled as GA
+ MA powders. Ball milling powders with five elemental powder mixtures were prepared under
the same ball milling conditions, which were labeled as EM+MA powders, as shown in Figure 1.
Then these were mixed with 4% (wt.%) synthetic diamond particles (140 mesh) by using a cylinder
mixer for 6–8 h. The mixed HEA/diamond powders were then placed in a graphite die of 40-mm
diameter and consolidated by using an HPD 25/3 SPS equipment under vacuum (10−3 Pa). The SPS
process lasted for 20 min, of which the heating time was 10 min, the holding time was 8 min, and
the cooling time was 2 min. The sintering temperatures was 950 ◦C, and the specific pressure was
35 MPa which was selected as SPS parameters for FeCoCrNiMo HEA/diamond composite sintering
temperature. Under these conditions, the density, microstructure and properties of the HEA/diamond
composite achieved the optimal state (unpublished results). A scanning electron microscope (SEM, FEI,
Quanta 250 FEG, Vlastimila Pecha, Czech Republic) equipped with an energy dispersive X-ray (EDX)
analyzer was used to investigate the microstructure and chemical compositions of the sintered samples.
The phase constitution of the samples was characterized using X-ray diffractometer (XRD, PIGAKV,
Rigaku D/MAX-2550 VB+18 Kw, Tokyo, Japan) utilizing Cu Kα radiation. Differential scanning
calorimetry (DSC, Netzsh 449C, Selb, Germany) measurements were performed on sintered samples
placed in an Al2O3 crucible and heated. The bending strength of the samples (size: 12×2×30 mm3)
was determined by Instron 3369 mechanical testing facility (Instron, Norwood, MA, USA) using the
three-point method. The hardness of the alloy was determined using a Buehler 5104 hardness tester
(Buehler, Lake Bluff, USA) under a 200-g load for 15 s and was averaged from three measurements.
The wearing behavior was measured by HRS-2M high-speed reciprocating line friction test equipment
(Lanzhou Zhongke Kaihua Technology Development Co., Ltd., Lanzhou, China). The test parameters
were a test time of 15 min, 50N loading, 15 Hz frequency (900 times/min), and 5 mm stroke.

Figure 1. FeCoCrNiMo HEA powders (a) GA; (b) GA + MA; (c) EM + MA.

3. Results and Discussion

3.1. Characterization of the Powders

The three different powders were characterized by SEM and XRD. It can be seen in Figure 1a, the
GA powders were nearly spherical and had a large particle size distribution. The average particle
diameter is about 45–50 μm. After 20 h of ball milling, the particle size of GA + MA powders and EA +
MA powders were smaller than that before ball milling as shown in Figure 1b,c. Both of them became
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flake or strip shaped after ball milling, the particle size distribution of the powders decreased, and the
previously larger spherical particles of GA powders were crushed to form fine particles. The powders
with different particle size distribution will form different pore size after sintering [15], thus affecting
its sintering densification. The particle size of powders has a great influence on the microstructure and
mechanical properties. Ball milling is often used to reduce the particle size in order to speed up the
diffusion reaction rate and obtain uniform and fine grains.

From the XRD results of Figure 2a, it can be seen that there was no alloying of GA + MA powders
in the milling process and a face-centered-cubic structure (FCC) was maintained. However, the
diffraction peaks of the powders were widened and the intensity was obviously reduced after ball
milling, indicating that the grain size of the powders was reduced compared with GA powders.
Because EM + MA powders were made of element powder by ball milling, mechanical alloying of
different metal elements will occur under the action of higher energy in ball milling, resulting in the
Cr-rich and Mo-rich area segregation. Moreover, as can be seen from Table 1, EA + MA powders
exhibited a great deal of compositional inhomogeneity, especially of the element Cr, which would give
rise to large amount of impurity phase after sintering. As shown in Figure 2b, for GA powders, the
phase composition after SPS with and without ball milling was basically the same, mainly composed
of FCC phase and diamond phase, indicating that there is no impurity formation in the ball milling
process, corresponding to Figure 2a. However, for EM + MA powders, due to the inhomogeneity of
the powder composition, metastable phases appeared after SPS, like a Cr-rich phase and a Mo-rich
phase which were hard and brittle [16].

Figure 2. XRD pattern of (a) Three kind of FeCoCrNiMo HEA powders; (b) HEA/diamond composites
after SPS by different powders.

Table 1. Composition of GA, GA + MA and EM + MA powders.

Elements Fe Co Cr Ni Mo

Nominal composition (at. %) 24.10 24.10 24.10 24.10 3.6
GA powders 23.83 ± 0.15 22.89 ± 0.23 30.31 ± 0.34 18.53 ± 0.45 4.44 ± 0.23

GA-MA powders 26.70 ± 0.75 22.41 ± 0.50 29.07 ± 0.32 18.13 ± 0.34 3.68 ± 0.67
EM-MA powders 27.17 ± 14.13 15.41 ± 11.10 40.33 ± 29.17 14.07 ± 10.42 3.03 ± 2.00

3.2. Microstructure of HEA/Diamond Composites

Figure 3(a1–c1) show the microstructure of HEA matrix SPSed by GA, GA + MA, and EM + MA
powders, respectively. It can be seen that the GA powder SPS sample exhibited a large number of
holes left after sintering, and the densification was poor. The density of GA and EM powders increased
significantly after ball milling.

507



Entropy 2018, 20, 924

Figure 3. Microstructure (a1–c1) and element distribution (a2–c2) of HEA matrix SPSed by (a) GA
powders, (b) GA + MA powders, and (c) EM + MA powders.

The average particle size of the powders after ball milling (GA + MA and EM + MA) was smaller
than that of the GA powders, the voids between the particles are smaller, and the voids are easy to
close in the densification stage during sintering. The larger the specific surface area of the particles are,
the greater the sintering driving force is, so the GA + MA and EM + MA powders are easier to achieve
sintering densification than the GA powders.

On the other hand, compactness is lower when the powder has a spherical shape than the
irregular one after milling. The densification degree also accounts for the green density, prior to hot
consolidation stage. The densification parameter is defined as the equation below [17]:

Densification parameter = (Green density − Apparent density)/(Theoretical density − Apparent density)

The theoretic density is 8.9 g/cm3 for the HEA/diamond composite. The Green density is 7.32,
7.48 and 7.54 g/cm3 for GA, GA + MA and EM + MA samples respectively. The apparent density
is 4.12, 1.04 and 1.42 g/cm3 for GA, GA + MA and EM + MA samples respectively. By calculation,
the densification parameters are 0.67, 0.81 and 0.82 for the GA, GA + MA and EM + MA samples
respectively. It shows that the densification degree of the samples with ball milling is greater than that
without ball milling.

The EBSD images in Figure 3(a2–c2) show the element distribution of HEA matrix SPSed by
the three kinds of powder. After GA powders and GA + MA powders were sintered, the matrix
composition of the HEA/diamond composites was more evenly distributed. However, for EM + MA
powders, Cr-rich and Mo-rich phases were bound to occur in the SPS process, according to the XRD
pattern in Figure 2. Because elemental segregations of Cr and Mo were generated in the milling process,
the components of Mo and Cr elements fluctuated greatly as seen in Figure 3(c2).The ball milling
process fines the powder and introduces lattice distortion into the powder particles. The particle size
decreases and the surface energy increases, and the repeated deformation of the powders during ball
milling leads to a large number of lattice distortions in the particles after ball milling. On one hand,
the decrease of particle size increases the surface energy, on the other hand, it shortens the diffusion
path, which leads to the rapid completion of the reaction. Moreover, lattice distortion promotes the
diffusion process [18], so that the sintering reaction can be completed at a lower temperature.
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Figure 4a–c show the microstructures of HEA/diamond composite SPSed by GA, GA + MA
and EM + MA powders. After the three kind of powders were sintered, the distribution of diamond
particles in the composites was relatively uniform, but in the single diamond particle enlargement
images shown in Figure 4d, the diamond grains maintain a well-defined crystalline shape and a
complete crystal plane. The HEA matrix SPSed by GA powders were found to be closely packed
with diamond. For the GA + MA sample, shown in Figure 4e, the diamond particles became partly
spherical as the regular diamond particles were ablated into smaller spheres by the molten HEA matrix.
For EM + MA sample, obvious spheroidization occurred in the diamond grains, that was attributed to
the graphitization transformation of diamond particles. The sintering pressure, temperature and time
of the three kind of powders are the same, but the diamond particles in the composites are graphitized.
This is because, by means of mechanical ball milling, the distortion energy is introduced while the
powder particles are refined, the reaction temperature is reduced and the reaction time is shortened.

Figure 4. Microstructure of HEA/diamond composite SPSed by (a) and (d) GA powders; (b) and
(e) GA + MA powders; and (c) and (f) EM + MA powders.

3.3. Mechanical Properties of HEA/Diamond Composites

3.3.1. Hardness and Bending Strength

Generally, the higher the density of the composites is, the higher the hardness is. The voids
between particles of the MA powders are smaller, the voids are easy to be eliminated in the densification
stage, and the sintering densification is easier to be realized. As shown in Figure 5, due to the smallest
particle size after ball milling, the density of the composite prepared by EM + MA powders is the
highest, and the sample prepared by GA powders is the lowest. However, the hardness of EM + MA
sample decreases because of the inhomogeneous composition distribution. Considering hardness and
density, the GA + MA sample is the best.
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Figure 5. Hardness and density of HEA/diamond composites SPSed by three kinds of powders.

According to the bending stress-strain curves in Figure 6, the bending strength of GA + MA
sample is 988 MPa, which is much higher than that of GA and EM + MA samples. The bending strength
of GA sample is low is due to the microvoids. The bonding between diamond and matrix is poor,
and there is no good metallurgical bonding. There is only a metallurgical bonding and mechanical
bonding interface. The bending strength of EM + MA sample is very poor, because of diamond as a
hard phase had undergone graphitization and the generation of the segregations like Cr-rich phase
and Mo-rich phase. In addition, the elastic slope is different in the curves of the SPSed composites.
This phenomenon results from the different density and segregation of samples SPS by different
powders. For GA powder, the density is relatively low, microporosity and in HEA matrix results
in lower elastic modulus. For EA + MA powders, despite the highest density, a large number of
segregation occurred during SPS results in a decline of elastic modulus. GA + MA specimen has
relatively higher density and no obvious segregation, so the elastic modulus is high and shows the
optimal mechanical properties.
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Figure 6. Bending stress-strain curves of HEA/diamond composites SPSed by three kinds of powders.

3.3.2. Wear Properties

The basic type of wear is the combination of abrasive wear and adhesive wear [19]. Generally
speaking, the friction failure of diamond tools is diamond shedding or matrix wear. According to the
wear mechanism, it can be inferred from Figure 7a,c that the abrasive wear was mainly attributed
to abrasive wear and was accompanied by a part of adhesive wear because of the grooves and a
small amount of abrasive debris on the surface. However, for GA samples, as shown in Figure 7a,
there was an obvious interface between diamond particles and HEA matrix, and signs of breaking
off were exhibited. This is because of the metallurgical bonding between diamond and HEA matrix
is insufficient, and the loose structure and insufficient bonding will cause the diamond particles to
break off from the HEA matrix and fail if friction continues. For the EM + MA sample, as shown in
Figure 7c, the surfaces of diamond particles were markedly scratched and deformed after friction,
which indicates that the diamond particles are graphitized and softened during sintering, thus losing
their wear resistance as abrasive particles. For EM + MA sample, as shown in Figure 7b, although
the diamond particles were worn, it had no sign of breaking off and softening. This illustrates that
the HEA matrix has enhanced the grinding force to diamond particles, and improved the bonding
strength of the interface, thus increasing the service life of the HEA/diamond composite. It is also
observed from the wear scratch contour map shown in Figure 8 that the composite sample SPSed by
GA + MA powders exhibited the minimum depth of wear scratches.
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Figure 7. The wearing surface of HEA/diamond composite SPSed by (a) GA powders; (b) GA + MA
powders; and (c) EM + MA powders.

Table 2 shows the wear rate of the HEA/diamond composites SPSed by different powders.
The holding force of HEA matrix on diamond particles directly determines the performance of the
composite. The interfacial bonding strength between diamond and HEA matrix is the key factor
affecting the holding force.

Table 2. Wear rate of the HEA/diamond composites SPSed by different powders.

Composites Wear Rate (mg/min)

GA-dia 0.27
(GA + MA)-dia 0.04
(EM + MA)-dia 0.06

Ball milling can reduce the sintering reaction temperature, improve the alloying degree and
densification of the composites, and thus greatly improve the matrix holding force of diamond
particles. It can be seen from Table 2 that the wear rate of GA sample is 0.27 mg/min, almost seven
times higher than that of GA + MA sample which exhibits minimum worn quality loss. The wear rate
of EM + MA sample is higher than GA + MA sample, because graphitization reduces the properties of
diamond particles to a certain extent.

Figure 8. Wear scratch contour map of HEA/diamond composites SPSed by three kinds of powders.
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As for the friction coefficient, as illustrated in Figure 9, GA + MA and EM + MA samples have
similar frictional behavior characteristics: in the first four seconds, the friction coefficient shows a
decline (from about 0.4 to about 0.12), and maintains a stable state (between 0.11 and 0.12) afterward.
The friction behavior of GA sample is completely different from that of the other two samples. It enters
a stable state at the beginning and the friction coefficient is about 0.05. This is mainly due to the
integrity of diamond particles in GA samples, and the friction force mainly comes from the diamond
particles, so the friction coefficient is always stable. GA + MA and EM + MA samples were ball milled
to reduce the reaction temperature and time, which resulted in an interfacial reaction between diamond
and HEA matrix. The HEA matrix is involved in friction. Therefore, the samples of GA + MA and
EM + MA undergo a relatively long unstable period in the initial stage of friction. At the same time,
the holding force of diamond matrix is improved because of the interfacial reaction, and the friction
coefficient increases.

Figure 9. Friction coefficient-time curves of HEA/diamond composites SPSed by three kinds
of powders.

4. Conclusions

The phases of GA powders before and after ball milling are basically the same, but the grain size
of GA + MA powders decreases significantly. Due to the inhomogeneous distribution of elementary
powders, impurity phases occur in EM + MA powders after ball milling. Through the ball milling
process, the powder particles are refined and the distortion energy is introduced. The voids between
the particles are smaller and easy to close in the densification stage during sintering. The reaction
temperature is reduced and the sample is easily densified. The HEA matrix SPSed by GA and
GA + MA powders were found to be closely packed with diamond. For the EM + MA samples,
graphitization transformation of diamond particles occurred due to the reduction of the reaction
temperature. The HEA/diamond composite SPS by GA + MA powders has the optimal hardness,
bending strength and wear resistance. Although the EM + MA sample is more dense, the mechanical
properties decrease due to the generation of segregations like Cr-rich phase and Mo-rich phase.
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Abstract: In this study, an effective way of applying Ti/Ni deposited coating to the surface of
diamond single crystal particles by magnetron sputtering was proposed and novel high-entropy alloy
(HEA)/diamond composites were prepared by spark plasma sintering (SPS). The results show that the
interfacial bonding state of the coated diamond composite is obviously better than that of the uncoated
diamond composite. Corresponding mechanical properties such as hardness, density, transverse
fracture strength and friction properties of the coated diamond composite were also found to be
better than those of the uncoated diamond composite. The effects of interface structure and defects on
the mechanical properties of HEA/diamond composites were investigated. The research directions
for further improving the structure and properties of high-entropy alloy/diamond composites
were proposed.

Keywords: high-entropy alloy; diamond; coating; interface; mechanical properties

1. Introduction

Multi-principal high-entropy alloys break through the traditional alloy design mode based on one
kind of alloy element. By optimizing the composition design, excellent performance combinations such
as high strength, high hardness, high temperature creep resistance, high temperature oxidation
resistance and corrosion resistance can be obtained [1–9]. Based on the excellent properties of
high-entropy alloys (HEAs) and diamond, it is of great scientific value and application significance to
design a novel high-entropy metal matrix binder for diamond tools and to develop the corresponding
theory and technology of heterogeneous multi-phase interface control [10–12].

Under the application conditions, improving the interface state between matrix materials and
diamond particles is the key problem to be urgently solved in the research field of diamond tool
materials. For diamond tools with an HEA matrix, improving the wettability between the HEA
matrix and diamond particles and effectively controlling the reaction products of the HEA/diamond
interface are important for improving the interface bonding and overall application performance of
diamond tools. Ti, Cr, Mo, V and other strong carbide-forming elements were always selected as
coating materials [13–15], which can form a carbide layer on the surface of diamond particles to realize
metallurgical bonding between diamond and the matrix. Meanwhile, the direct contact between Fe,
Co, Ni and diamond particles can be avoided to prevent the formation of hard and brittle carbides at
the interface [16,17]. Therefore, the ideal structure of metallurgical bonding between diamond particles
and a metal matrix involves avoiding the formation of carbides.
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In this paper, a novel HEA/diamond composite was studied by magnetron sputtering Ti/Ni
coating and the spark plasma sintering (SPS) method. A Ti/Ni coating (inner Ti and outer Ni) of
diamond particles was realized by magnetron sputtering. An HEA/coated diamond interface was
obtained, composed of the solid solution formed by diffusion between the HEA matrix and Ni element
in the outer layer of diamond particles. The carbide formed by the reaction of Ti element with diamond
particles. On the one hand, this interface can effectively reduce the interface energy between diamond
and the HEA matrix and improve the bonding strength. On the other hand, the cracks and micro-holes
on the interface after SPS can be filled by generated carbides to improve the density of the composites
and improve the strength, toughness and other mechanical properties of the composites.

2. Experimental

Standard MBD4-type synthetic diamond single crystals of 140/170 mesh were boiled and rinsed
in HNO3 and NaOH solutions for surface purification. Diamond was deposited in the magnetron
sputtering coating equipment and high purity argon was introduced. The metals Ti and Ni with purity
higher than 99.99% were used as targets. The diamond surface was coated by vacuum magnetron
sputtering and maintained at room temperature. The vacuum of the reaction chamber was 10−4 Pa, the
partial pressure of argon was 10−1 Pa, the ion deposition rate was 20 nm/min and the diamond was
rolled by ultrasonic vibration in the diamond tray to ensure the uniformity of the coating. The thickness
was controlled and was about 15 μm as shown in Figure 1. FeCoCrNiMo HEA powders prepared
by gas atomization were applied as matrix materials as shown in Figure 1c, in which the average
particle size was about 50 μm. Coated and uncoated diamond particles with a mass ratio of 4% were
mixed with HEA powder and put into the mixer for 5 hours (mixer speed: 60 r/min). HEA/diamond
composites were prepared by SPS (SPS parameters: 950 °C/35 MPa, holding time: 480 s).

Figure 1. Microstructure of (a) uncoated and (b) coated diamond particles and (c) high-entropy alloy
(HEA) powders.

The density of samples was measured by the Archimedes drainage method. The transverse
fracture strength of the samples (size: 12 × 2 × 30 mm3, span: 25 mm, loading rate: 2 mm/min)
was determined by the Instron 3369 mechanical testing facility (Instron, Norwood, MA, USA) using
the three-point method. The hardness of the alloy was determined using a Vickers hardness tester
(200HVS-5, HuaYin, Zhengzhou) under a 200 g load for 15 s and was averaged from five measurements.
The wearing behavior was measured by HRS-2M high-speed reciprocating line friction test equipment
(Lanzhou Zhongke Kaihua Technology Development Co., Ltd., Lanzhou, China). The test parameters
were a test time of 15 min, 50 N loading, 15 Hz frequency (900 times/min) and a 5-mm stroke.
A scanning electron microscope (SEM, FEI, Quanta 250 FEG, Vlastimila Pecha, Czech Republic)
equipped with an energy dispersive X-ray (EDX) analyzer was used to investigate the microstructure
and chemical compositions of the sintered samples. Confocal Raman microscopy was performed on
the interface of diamonds/HEA using an inVia Reflex by Renishaw with an Ar laser, using the green
line (532 nm, 7.6 mW) with a resolution of 0.5 × 2 μm.
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3. Results and Discussion

3.1. Interface of HEA/Diamond Composite

In the SEM analysis of the coated diamond (Figure 2 and Table 1), spot 1 at the edge of the
diamond shows all C atoms. Spot 2 is in the transition zone between the diamond and the coated
layer. C, Ti and Ni elements can be found in the area near the diamond, of which the content of Ni is
relatively small. Spot 3 is in the coated layer, whereas that of Ni element is much more in the outer
layer. This is because Ti is a strong carbide-forming element with strong chemical activity and diffusion
ability. During the SPS process, Ti reacts with diamond to form a stable, chemically bonded TiC layer.
At the same time, because the matrix is a five-element HEA of FeCoCrNiMo, the higher amount of Ni
element in the outer layer can form a solid solution interface with the HEA matrix.

 

Figure 2. Microstructure of Ti/Ni-coated diamond particles.

Table 1. Chemical composition of different spots in Figure 2.

Composition (wt.%) C Ti Ni P O

Spot 1 100 / / / /
Spot 2 59.29 30.64 6.57 3.08 0.42
Spot 3 3.96 0.76 91.09 3.72 0.47

The density of coated diamond increases by about 1/3 due to its multi-layer. This is closer to the
density of a high-entropy alloy matrix, which makes the mixture more uniform, reduces the number
of voids and indirectly improves the density after sintering. The HEA matrix was found to form a
metallurgical bonding with diamond and shows a thin layer with a width of approximately 3 μm
at the interface between the diamond and the matrix. This indicates that the metallurgical bonding
between the coated diamond particles and the matrix is relatively strong, as shown in Figure 3c,d,
while the uncoated diamond resists mechanical bonding to a certain extent, as shown in Figure 3a,b.
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Figure 3. Scanning Electron Microscope (SEM) and Back Scattered Electron (BSE) images of
(a,b) uncoated diamond particles and (c,d) coated diamond particles.

It was found from the Energy Dispersive Spectrometer (EDS) analysis of the interface of coated
diamond/HEA composites that, as shown in Figure 4, there is a high content of Cr and Fe elements
between the diamond and the high-entropy alloy matrix, that is, the segregation of Cr, Ti, Ni and Mo
elements occurs and the reaction with diamond produces a solid solution layer with a higher bonding
strength than that achieved via pure mechanical bonding. It can also be seen from the image that
although C atoms aggregate at the interface, they do not extend to the matrix. Although the functional
metallic layer has a certain corrosion effect on diamond, it does not destroy the crystalline form of
diamond to a large extent. On the contrary, the transition layer restricts the diffusion of carbon atoms to
the matrix. It can be seen from Figure 3c,d that the transition layer is different from the non-functional
diamond. The smooth bonding surface of diamond composites and the functional diamond composites
show a fold structure. This structure increases the bonding area between diamond and the matrix in
the transition layer, so that it can be better bonded with the matrix. Moreover, the EDS surface analysis
of the interface between coated diamond and the matrix was carried out. As shown in Figure 4b,
in accordance with the results of liner scanning, there is obvious segregation at the interface and
obvious precipitation of Cr and Mo. This indicates that the interface layer may be a solid solution
composed of Cr, Mo, Ti and Ni, indicating that the functionalized layer can form a metallurgical bond
with the HEA matrix that will increase the interfacial bonding strength.
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Figure 4. EDS liner scan (a) and element mapping (b) analysis on the interface of coated
diamond/HEA composite.

The interface status of HEA matrix/diamond were also characterized by Raman spectroscopy,
as shown in Figure 5. As shown in Figure 5a, there are diamond peaks at 1332 cm−1, graphite peaks at
1350 cm−1 (D-band), 1580 cm−1 (G-band) and 2700 cm−1 (2D-band) and other bonds at the interface
of the uncoated diamond specimens. The peak shape is sharp, the G-band strength is more than two
times that of D-b (Figure 5b) and the area ratio of ID/IG (Intensity ratio of peak D to peak G) is about
0.52. The interface of the coated diamond specimens only exhibits a diamond peak at 1332 cm−1.
For the peaks at 1350 cm−1 (D-band) and 1580 cm−1 (G-band) (Figure 5c), the peak shape is wide,
the G-band strength and D-band strength are close (Figure 5d) and the area ratio of ID/IG is about
2.35, which is obviously higher than that of the uncoated diamond samples. The results show that the
graphitization degree of diamond particles in uncoated diamond samples is higher [18] and the other
bonds indicate that there are carbides or oxides at the interface [19]. In conclusion, coated diamond
can effectively inhibit the graphitization structural transformation of diamond particles in the SPS
process and improve the material properties.
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Figure 5. Raman spectra of HEA matrix/diamond interface in (a) uncoated diamond and (c) coated
diamond, as well as the corresponding fitting curves (1000 cm−1 ~ 2000 cm−1) (b,d).

3.2. Microstructure of the HEA/Diamond Composite

The microstructure of the composites fabricated by SPS with coated and uncoated diamond is
shown in Figure 6. Uncoated diamond particles are severely ablated. After sintering, the original
diamond with a regular shape displays jagged ablation on its surface, which cannot maintain the
original excellent crystal form of the diamond as shown in Figure 6a,c. The coated diamond also has
a certain degree of ablation, as shown in Figure 6b,d. However, due to the passivation of the coated
metal layer, which prevents the corrosion of the matrix to diamond and reduces the diffusion of C
element to the matrix, a good crystal form of diamond is maintained. Meanwhile, the coating contains
Ti element, while Ti element and C element form carbides and the second-phase carbides disperse in
the matrix, thus improving the hardness of the FeCoCrNiMo high-entropy alloy system [20]. Therefore,
the friction and wear properties of materials are also affected.

According to the X-ray diffraction (XRD) analysis of the HEA/diamond composite, as shown in
Figure 7, only two strong peaks of diamond were detected, because of the low content of diamond
and the close distance between the Face-Centred Cubic (FCC)peak and the diamond peak of HEA.
However, no carbide and C element were detected. This indicates that there was no large amount of
ablation or graphitization of the diamond in coated diamond samples. Moreover, the HEA matrix
had an FCC structure and there was no complex multiphase structure and no intermetallic compound
found in coated samples in Figure 7. Therefore, the excellent properties of HEA matrix could be
maintained. Yet, in uncoated diamond samples, the addition of diamond particles was found to form
any complex carbide phase and there existed carbides of Cr according to the powder diffraction files
(PDF), such as Cr23C6 (PDF No. 04-004-1672) and Cr7C3 (PDF No. 04-005-9649). These carbides were
hard and brittle, which could deteriorate the mechanical properties of the composite.
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Figure 6. Microstructure of the composites fabricated by spark plasma sintering (SPS) with uncoated
(a,c) and coated diamond (b,d).
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Figure 7. XRD pattern of the composites fabricated by SPS with coated and uncoated diamond.

3.3. Mechanical Properties

From the density of uncoated diamond/HEA composites in Table 2, the density difference between
uncoated diamond and HEA powder was found to be large, which not only causes inhomogeneity
in the mixing process, but also causes a low density of green compacts. Under such circumstances,
it is impossible to eliminate the inhomogeneous distribution of pressure in the sintered block caused
by pores, which ultimately results in the insufficient density of composites. The surface coating of
diamond can improve the density of diamond particles, make the mixture more uniform, reduce the
number of pores and increase the sintering density. At the same time, the activation of diamond can
promote the diffusion reaction between diamond and the matrix and produce good metallurgical
bonding. According to the results of hardness tests (Table 2), it was found that the hardness of the
samples of coated diamond composites is about 30 HV higher than the that of uncoated samples,
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because the graphitization of diamond particles (Figure 4c) in the uncoated diamond composites
reduces the hardness of the matrix.

The fracture strength of coated diamond composites is 745 MPa, which is far greater than that
of uncoated diamond samples, as shown in Table 2. The reason for the low fracture strength of
uncoated diamond composites is the low density caused by the micro-voids in the materials, the
graphitization of diamond as a hard phase and the poor bonding between diamond and the HEA
matrix. It does not produce good metallurgical bonding, but is only a metallurgical bonding and
mechanical bonding interface.

Table 2. Density, hardness and transverse fracture strength of the composites fabricated by SPS with
coated and uncoated diamond.

Composite Samples Uncoated Diamond Coated Diamond

Density(g/cm3) 7.072 ± 0.053 7.240 ± 0.046
HV0.2 342.2 ± 38.5 370.4 ± 34.8

Transverse fracture strength (MPa) ~550 ~750

Friction and wear performance is an important property of diamond tools. Comparing the SEM
images after friction from the wear mechanism, as shown in Figure 8, there were ravines and trace
debris on the surface of the both coated and uncoated diamond composites. It can be inferred that
the wear mechanism is abrasive wear with partially adhesive wear. The scratches on the surface of
uncoated diamond composites were obvious and diamond shedding occurred. Through the analysis
of the exfoliated parts in Figure 8a,b, it was found that although the diamond and the matrix have
a certain degree of metallurgical bonding, due to the loose structure and inadequate bonding, the
diamond will fall off from the matrix and fail. Compared with the coated diamond composite, the
coated diamond can be worn without showing signs of falling off (Figure 8c,d). This shows that the
Ti/Ni coating can enhance the control ability of the HEA matrix over diamond particles, improve the
bonding strength and thus enhance the service life of diamond composites.

Figure 8. The wearing surface of the composites fabricated by SPS with uncoated (a) and coated
(b) diamond.

The friction coefficients of the two kinds of samples fabricated by SPS ranged from 0.04 to 0.06
and maintained a very stable trend, as shown in Figure 9. After 15 min of friction, the wear of the
uncoated diamond samples was 0.0144 g, while the wear of the coated diamond samples was only
0.0127 g. This shows that the friction and wear properties of the two samples are both excellent, which
also confirms that the hardness of the two samples is not very different. The reason for the smaller
friction coefficient is that the diamond in the sample is relatively complete and bare. The agate ball
only rubs on the diamond surface, while the strong control of the matrix on diamond keeps the friction
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coefficient in a stable linear trend. That is, in the actual friction process, diamond plays a major role
in friction, while the HEA matrix holds on the diamond. The basic type of wear is the combination
of abrasive wear and adhesive wear. In general, the friction failure of diamond tools is the shedding
of diamond or the wear of matrix; however, the surface coating of diamond can effectively avoid the
shedding of diamond particles.

 

Figure 9. The friction coefficient curve of the composites fabricated by SPS with uncoated and
coated diamond.

4. Conclusions

Diamond single crystal particles with Ti/Ni coatings were obtained by magnetron sputtering.
The diamond gained more than 30% weight and the coating thickness was 10–20 μm.

The interfacial diffusion and solid solution formation in coated diamond composites led to the
increase of interfacial bonding strength. The interface bonding strength and mechanical properties
of the composites without diamond coating decreased, due to the occurrence of graphitization at the
interface and the formation of carbides.

Compared with the composite with uncoated diamond, the density, hardness, transverse
fracture strength and interfacial bonding properties of the composite with coated diamond were
significantly improved.

The wear resistance of the coated composites is obviously higher than that of the uncoated
composites, because the coating on the diamond particles maintains a relatively complete crystal form
in the SPS process and has a higher bonding strength with the HEA matrix. This improves the holding
force of the matrix and gives full play to the excellent properties of the HEA.
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Abstract: High-performance conventional engineering materials (including Al alloys, Mg alloys,
Cu alloys, stainless steels, Ni superalloys, etc.) and newly-developed high entropy alloys are all
compositionally-complex alloys (CCAs). In these CCA systems, the second-phase particles are
generally precipitated in their solid-solution matrix, in which the precipitates are diverse and can
result in different strengthening effects. The present work aims at generalizing the precipitation
behavior and precipitation strengthening in CCAs comprehensively. First of all, the morphology
evolution of second-phase particles and precipitation strengthening mechanisms are introduced.
Then, the precipitation behaviors in diverse CCA systems are illustrated, especially the coherent
precipitation. The relationship between the particle morphology and strengthening effectiveness
is discussed. It is addressed that the challenge in the future is to design the stable coherent
microstructure in different solid-solution matrices, which will be the most effective approach for the
enhancement of alloy strength.

Keywords: precipitation; strengthening; coherent microstructure; conventional alloys; high
entropy alloys

1. Introduction

Precipitation strengthening with intermetallic compounds is the most effective approach for the
enhancement of alloy strength in engineering structural materials, compared with solid-solution
strengthening, grain-boundary strengthening, and work hardening [1–3]. Especially at high
temperatures (HTs), the precipitation strengthening is indispensable due to the prominent long-time
microstructural stabilities caused by second-phase precipitates in the solid-solution matrix [4–8].
Among them, the coherent ordered phases, such as L12-Ni3Al (cP4-Cu3Au) of the face-centered-cubic
(FCC) solid solution [4,5], and B2-NiAl (cP2-ClCs) of the body-centered-cubic (BCC) solid
solution [9–13], are crucial for the HT creep-resistant properties of alloys due to the perfect coherency
between the ordered phase and the solid-solution matrix. It should be pointed out that the
precipitation strengthening is related not only to the macroscopic properties of precipitates, but
also to their microstructural morphologies. For instance, the prominent creep-resistant property
of Ni-based superalloys at up to 85% of the insipient melting temperature (as high as 1100 ◦C) is
primarily attributed to the special microstructure of spherical or cuboidal L12-Ni3Al nanoprecipitates
coherently-precipitated into the FCC matrix [5].
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In order to meet the service-performance requirements, including mechanical strength, corrosion-
and oxidation-resistant properties, etc., several solute elements are generally added to alloy or
minor-alloy the solvent matrix constituted of one or two primary elements in conventional engineering
structural materials [14]. From the viewpoint of element species, most of high-performance metallic
materials, including Al alloys, Mg alloys, Cu alloys, stainless steels, and Ni superalloys, are all
compositionally-complex alloys (CCAs), resulting in a uniform microstructure of diverse second-phase
particles distributed in their solid-solution matrix. Recently, another kind of newly-developed CCAs
are not based on one or two solvent elements, but based on the equimolar or near-equimolar mixing
of multi-principal elements, which are also named high-entropy alloys (HEAs) [15–20]. HEAs have
attracted more attention due to their unique properties resulted from simple crystalline structures, such
as FCC, BCC, close-packed hexagonal (HCP), and their derivatives (L12, B2, etc.) [19–22]. Thus, they can
also be regarded as a special kind of solid-solution alloys, similar to conventional engineering alloys.

Therefore, the present work will comprehensively generalize the precipitation behavior and
precipitation strengthening in CCAs, including conventional engineering alloys and high-entropy
alloys, where the coherent precipitation will be specially emphasized. The morphology evolution
of second-phase particles and precipitation strengthening mechanisms will be illustrated firstly.
Then, the relationship between the particle morphology (shape and particle size) and strengthening
effectiveness in diverse CCAs will be discussed, respectively. Finally, several thoughts on the coherent
precipitation to design and develop high-performance CCAs in the future will be suggested.

2. Equilibrium Morphology of a Misfitting Particle

In the absence of elastic stress, the equilibrium morphology of a second-phase particle embedded
into a matrix is established solely by the particle-matrix interfacial energy and its dependence on
crystallographic orientation [23]. However, experimentally, the particle morphology, which arises
during a diffusional phase transition in many alloys, was often not the shape that minimizes the total
interfacial energy. In most cases, the presence of the lattice misfit between the second phase and the
matrix can induce an elastic stress field, which in turn, affects the particle morphology [24]. For instance,
in Ni-based superalloys with a microstructure of ordered L12-Ni3Al particles coherently-embedded
into the FCC solid-solution matrix, the particles were observed to undergo changes in shape from
spheres to cuboids, and then to plates with increasing particle size [25,26], or even fission into smaller
particles once they reach a critical size [27–29]. Actually, the particle equilibrium shape is determined
by minimizing the total energy Et, the sum of interfacial energy, Ei, and elastic energy, Ee, at a constant
particle volume, in which the Ei and Ee scale with the surface area and the volume of the particle,
respectively [30,31]. So, the equilibrium shape of a misfitting particle is dependent on the particle size.
That is to say, the particle shape should tend towards the shape that minimizes the Ei at a smaller
particle size, and towards the shape that minimizes the Ee at a larger size. Furthermore, with increasing
particle size, the elastic energy plays an increasingly important role in setting the shape since it is the
driving force of the particle growth and coarsening.

The relative importance of the elastic energy and the interfacial energy can be evaluated through
the characteristic parameter L [32,33], i.e., L = ε2C44r/s, where ε is the lattice misfit between the particle
and matrix phases, C44 is the elastic constant of the matrix, r is the average particle size, and s is the
average specific interfacial energy. Figure 1 gives the morphology evolution of the particle with the
parameter L [33], from which it is found that a small L usually corresponds to a spherical particle,
which can transform to ellipsoidal or cuboidal shape when L increases. At a much larger L, the fourfold
symmetry of cuboidal particles will be broken and some low symmetric shapes, like plates or needles,
will begin to appear due to the elastic anisotropy. In addition, when the particle sizes are comparable,
the lattice misfit ε will play the key role in determining the particle shape, since the parameter L is
proportional to both the lattice misfit ε and the particle size r. Apparently, the particle morphology
has a profound effect on the mechanical properties of alloys, which will be discussed in the following
diverse alloy systems, respectively.
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Figure 1. Particle morphology evolution with the characteristic parameter L, in which the vertical
axis is the Fourier coefficient aR to represent the energy of different particle shapes. It shows that the
bifurcation from the four-fold symmetric cuboid to the two-fold symmetric shapes (plate or needle)
occurs at a critical value (L = 5.6) [33].

3. Precipitation Strengthening Mechanisms

The precipitation strengthening mechanisms can be divided into two categories [1–3],
the dislocation shearing mechanism and the Orowan dislocation bypassing mechanism, depending on
the interaction between moving dislocations and precipitates. The one leading to a smaller strength
increment is the operative mechanism. The dislocation-shearing mechanism is generally active when
the precipitates are coherent with the matrix, and the particle size is small, while the Orowan bypassing
mechanism dominates when the coherent particle size exceeds a critical value or when the particles
are incoherent with the matrix. For the shearing mechanism, three factors contribute to the increase in
yield strength, coherency strengthening (ΔσCS), modulus mismatch strengthening (ΔσMS), and order
strengthening (ΔσOS). The former two (ΔσCS and ΔσMS) occur before the dislocation shears the particle
and the latter (ΔσOS) during shearing. Thereof, the larger value of (ΔσCS + ΔσMS) or ΔσOS is expected
to be the total strength increment from the shearing mechanism. The equations available to calculate
these strength increments caused by both dislocation shearing and bypassing are as follows [34–39]:
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where M = 2.73 for BCC structure and M = 3.06 for FCC structure (Taylor Factor) [1], αε = 2.6 (a
constant) [35,36], m = 0.85 (a constant) [37,38], εc = 2ε/3 [2,35,36], the constrained lattice misfit. G and
ΔG are the shear-modulus of the matrix and the shear modulus mismatch between precipitates and
matrix, respectively; b is the Burgers vector; r and f are the average size and the volume fraction of
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precipitates, respectively; γapb is the anti-phase boundary energy of precipitates; v is the Poisson ratio;
and λp is the inter-precipitate spacing.

Since the shearing and bypassing mechanisms occur concurrently and are independent to each
other, the strengthening is determined by the smaller of Δσshearing or Δσorowan. In other words, the
softer mechanism initiates the plastic deformation. Ideally, the largest yield strength increment could
be reached when Δσshearing = Δσorowan at a critical particle size r0 with a fixed f [1]. Figure 2 shows the
variation tendency of the yield strength increment with the particle size by competing the dislocation
shearing and bypassing mechanisms, in which the maximum strength increment reaches at the critical
r0 when the volume fraction f is fixed.

Figure 2. The variation tendency of yield strength increment with the particle size [1–3], in which the
strength increments caused by dislocation shearing mechanism (Δσshearing) and bypassing mechanism
(Δσorowan) are shown, and the maximum increment reaches at a critical particle size r0.

4. Precipitate Morphology and Precipitation Strengthening in CCAs

In this section, the precipitation behavior and precipitation strengthening effects in each CCA
system are generalized in details. Typical alloy systems with precipitation strengthening include
Ni-based superalloys, Al alloys, Mg alloys, Cu alloys, stainless steels, and high-entropy alloys.
The overviews are elaborated as follows.

4.1. Ni-Based Superalloys

Ni-based superalloys exhibit the most outstanding mechanical properties (especially the
creep-resistance), corrosion- and oxidation-resistant properties at elevated temperatures among
all the conventional structural materials. Their excellent properties are benefited from their
specially coherent microstructures of spherical or cuboidal L12-γ′ nanoprecipitates into FCC-γ solid
solution [4–6]. Especially the coherent precipitation of cuboidal L12-γ′ particles in single-crystal
superalloys is responsible for the necessary strength at much higher temperatures near to the melting
point [40,41]. However, the single-crystal superalloys with similar compositions often possess different
creep-resistant properties, even containing cuboidal γ′ precipitates with a comparable particle size.

Figure 3 exhibits the creep curves at 1100 ◦C/137 MPa of TMS-138 (Ni-6Co-3Cr-3Mo-6W-6Al-
6Ta-0.1Hf-5Re-2Ru, wt.%) and TMS-75(+Ru) (Ni-12Co-3Cr-2Mo-6W-6Al-6Ta-0.1Hf-5Re-1.5Ru, wt.%)
alloys, in which the microstructural evolutions during the creep process are also shown [40]. Both
superalloys have similar compositions with a minor difference in the amounts of Co, Mo, and Ru.
The particle sizes of cuboidal γ′ nanoprecipitates in these two alloys are comparable, being r = 230
± 30 nm (TMS-138) and r = 245 ± 25 nm (TMS-75(+Ru)), respectively, with a volume fraction of
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about f = 65% in experiments. But the lattice misfit ε between γ and γ′ phases are different in both
alloys, being ε = −0.33% in TMS-138 and ε = −0.16% in TMS-75(+Ru) at 1100 ◦C, respectively, in which
the lattice misfit is calculated with the equation of ε = 2(aγ ′ − aγ)/(aγ ′ + aγ) (aγ ′ and aγ: the lattice
constants of γ′ and γ phases, respectively). Remarkably, TMS-138 possesses a longer creep life and
a lower minimum creep rate, which is attributed to its larger γ/γ′ lattice misfit ε. Specifically, in the
primary creep stage, such as the time t = 2 h, the larger misfit stress caused by the larger ε in TMS-138
drives the loops of matrix dislocations to move by cross-slip through the matrix channels, while in
TMS-75(+Ru), the dislocations move by climbing around the γ′ cuboids due to the insufficient driving
force by the relatively-smaller ε (as seen in the microstructures in Figure 3). With increasing creep
time to t = 60 h, there are many superdislocations in γ′ cuboids in TMS-75(+Ru), while many perfect
dislocation networks on the γ/γ′ interface are formed in TMS-138, which can effectively prevent
the gliding dislocations in the γ channels from cutting the rafted γ/γ′ structure. More importantly,
the larger lattice misfit can result in the denser γ/γ′ interfacial dislocation networks. Clearly, the
dislocation networks are much denser in TMS-138 after rupture, which is the key for the small
minimum creep rate.

Figure 3. Creep curves at 1100 ◦C/ 137 MPa of TMS-75(+Ru) and TMS-138 superalloys, in which
the microstructures at different creep stages (primary stage, steady state and after rupture) are also
presented [40].

Not only the precipitate morphology, but also the strengthening effect of coherent precipitation are
closely related to the lattice misfit between the ordered phase and solid-solution phase. We calculated
the yield strength increments given by shearing and bypassing mechanisms according to the Equations
(1)–(4) with the particle size r, in which the dominant (ΔσCS + ΔσMS) presents the strength increment
caused by the shearing mechanism. The used parameters for strength increment calculations are M
= 3.06, αε = 2.6, G = 81 GPa, ΔG = 4 GPa, m = 0.85, b = 0.254 nm, γapb = 0.12 J/m2, and v = 0.35,
respectively. Figure 4 gives the variation tendencies of (ΔσCS + ΔσMS) and Δσorowan as a function of the
particle size r for TMS-138 and TMS-75(+Ru) superalloys. It was found that the optimal particle size r0

corresponding to the maximum strength increment given by the theoretical calculation in TMS138 is r0

= 193 nm, which is consistent with the experimental size of r = 230 ± 30 nm. While the experimental
particle size (r = 245 ± 25 nm) is far away from its optimal r0 = 406 nm in TMS-75(+Ru), indicating
that the strengthening effect does not reach the maximum. Hence, the TMS-138 superalloy exhibits
a much higher strength and a better creep resistance due to a larger lattice misfit. Therefore, in the
case of coherent precipitation, the control of the lattice misfit between the ordered phase and its parent
solid solution is significant to develop high-performance CCAs.
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Figure 4. The variation tendency of (ΔσCS + ΔσMS) and Δσorowan with the particle size r of TMS-138
and TMS-75(+Ru) superalloys, in which the optimal particle size r0 from the calculation and the
experimentally-measured r are also marked for each alloy.

4.2. Al-Based Alloys

Al alloys have been used widely as engineering structural materials due to their high
specific strength, among which the high-strength Al-Zn-Mg-Cu series of alloys (7000 series) are
extensively applied into aeronautical fields [42–46]. The Al-Cu binary system is a well-studied
precipitation-strengthening system, since it forms the basis for many types of age-hardening alloys
with technological importance [47]. The precipitation sequence during the aging process, Al SS → G.P.
zone → θ”-Al3Cu → θ′-Al2Cu → θ-Al2Cu, was often taken as a model for describing the fundamentals
of precipitation strengthening. The coherent Guinier-Preston (G.P.) zone consisting of a single layer
of pure Cu atoms was firstly precipitated from the FCC-Al solid solution (SS) matrix. Then, Al-Cu
clusters with a stoichiometrical Al3Cu (θ”) were formed, which is also coherent with the FCC matrix.
It could transform into the metastable θ′-Al2Cu phase with a body-centered-tetragonal structure,
which is the main strengthening phase, but semi-coherent with the matrix. Finally, the metastable
θ′-Al2Cu would transform into the equilibrium tetragonal θ′-Al2Cu phase, which is incoherent with
the matrix [48]. In this case, the coherent relationship between the precipitated phase and the matrix
could be destroyed with prolonging the aging time, which eventually leads to the formation of coarse
precipitates, as a final result of weakening the strengthening effect, compared with the coherent fine
precipitates. Figure 5 shows the effect of the particle morphology on the hardness variation with the
aging time of Al-0.8Mg-0.79Si (wt.%, 6061) alloy [49]. The peak hardness reaches at 175 ◦C aging for
4 h, corresponding to the semi-coherent precipitation of the needle β′′ (a monoclinic structure with a
stoichiometrically MgSi) nanoparticles with a size of about 10~15 nm. Once the needle β′′ nanoparticles
are transformed to relatively-coarse rod β′ particles (a hexagonal structure with a stoichiometrically
Mg1.7Si) at 200 ◦C aging for 20 h, the hardness will decrease due to the incoherency of β′ and the
matrix [49].
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Figure 5. Variation of hardness of the 6061 Al alloy with the aging time at both 175 ◦C and 200 ◦C,
in which the microstructures at peak aging and over aging are also shown [49].

Recently, the coherent precipitation of ordered L12-Ni3M (M = Sc, Er, Zr, etc.) in the disordered
FCC matrix of Al-Zr-Sc-Er alloy systems has attracted more attention since it can provide significant
strengthening to a temperature of about 300 ◦C. Such Al alloys are excellent candidates for some
high-temperature automotive and aerospace applications [50–52]. Supersaturated Al-Sc binary alloys
generally possess high strength due to the coherent precipitation of L12-Al3Sc nanoparticles [53,54].
Based on it, the addition of Zr can form coarsening-resistant L12-Al3(Sc,Zr) lobed-cuboids consisting of
a Sc-enriched core surrounded by a Zr-enriched shell in Al-0.06Sc-0.06Zr (wt.%) alloy [45,55] (as seen
in Figure 6). More interestingly, the Er further substitution for Zr can form spheroidal Al3(Sc,Zr,Er)
nanoprecipitates with a core/double-shell structure consisting of an Er-enriched core surrounded by
a Sc-enriched inner shell and a Zr-enriched outer shell in the Al-0.06Sc-0.04Zr-0.02Er (wt.%) alloy
(Figure 6), which are stable and difficult to be coarsened even at a higher temperature of 400 ◦C for
64 days [42]. Resultantly, it is due to the particle size that renders the two alloys with a remarkable
difference in microhardness, as shown in Figure 6. The particle size of lobed-cuboidal Al3(Sc,Zr)
precipitates is about 25 nm in the former alloy, while the spheroidal Al3(Sc,Zr,Er) nanoprecipitates with
a particle size of 3~8 nm result in a drastic improvement of the alloy strength, from a peak harness of
243 MPa in the former alloy to 451 MPa in the later one at 400 ◦C aging. Therefore, more and more
interests have been focused on the coherent precipitation in Al alloys to develop new light-weight
materials that can be applied in high-temperature environments (>300 ◦C).
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Figure 6. Variation of Vickers hardness of Al-Zr-Sc-Er alloys with the aging time at 400 ◦C, in which
the precipitate morphologies of coherent Al3(Sc,Zr) after aging 24 h and Al3(Sc,Zr,Er) after aging 64
days are also presented [50].

4.3. Mg-Based Alloys

Mg alloys with a close-packed-hexagonal (HCP) matrix are the lightest among all the
commonly-used structural materials and have great potentials for application in the automotive,
aircraft, aerospace, and electronic industries [56]. Their useful mechanical properties were generally
achieved via age-hardening process to form high-strength precipitates, which is similar to the
precipitation in Al alloys. Actually, it is more difficult to keep the coherency between the precipitates
and the matrix due to the HCP structure of the matrix. The structure, morphology, and orientation
of precipitates, precipitation sequence, and hardening response in various Mg alloy systems have
been generalized, in which the effects of precipitate shapes on strengthening and the rational design
of microstructures for higher strengths were also emphasized [57,58]. For the most widely-used
Mg-Al-based alloys, such as AZ91 (Mg-8.7Al-0.7Zn-0.1Mn, wt.%), the final stable incoherent
β-Mg17Al12 phase with a BCC structure precipitates directly from the supersaturated HCP-Mg solid
solution without any coherent G.P. zones, which could not result in an appreciable strengthening
response due to the existence of relatively-coarse plate/lath-like β particles [59–61]. For most of
the high-strength Mg alloy series, the precipitation usually follows the sequence of Mg SS → G.P.
zone → coherent metastable phase → incoherent stable phase [62–71]. A typical Mg-Gd(-Y)-based
Mg-15Gd-0.5Zr (wt.%) alloy was taken for an instance [72]. Firstly, the coherent G.P. zone precipitated
from the HCP-Mg solid solution at the initial stage of aging at 250 ◦C. Then the metastable β′′-Mg3Gd
phase with an ordered DO19 structure of the HCP solid solution appeared after aging for 0.5 h, which
keeps the perfect coherent orientation with the matrix and exhibits a hexagonal prism morphology.
Another metastable orthorhombic β′-Mg3Gd phase with a lenticular particle morphology would
substitute for the β′′ when the aging time increased to 8 h, resulting in a peak strengthening. Figure 7
shows the microhardness variation with the aging time, from which an obvious improvement of
microhardness is attributed to the precipitation of metastable β′′ and β′ phases. Further prolonging
the aging time, β′ will transform into a FCC β1-Mg3Gd with a DO3-L21 structure, and then to the
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final stable β-Mg5Gd with a FCC structure, which can weaken the strengthening response due to the
plate-like morphology of β1 and β particles [72,73].

Figure 7. Variation of Vickers hardness of the Mg-15Gd-0.5Zr alloy with the aging time at 250 ◦C, in
which the morphologies of coherent β′′ and β′ precipitates are also shown [72,73].

It is emphasized that the DO3-L21 β1 phase often exists in many high-strength Mg alloys, which
is a highly-ordered superstructure of the BCC solid solution, consisting of eight BCC unit cells. If
the HCP-Mg matrix is changed to a BCC structure, the coherency will be achieved between the
L21 phase and BCC-Mg solid solution. It is fascinating that the ordered L21-Li2MgAl phase was
coherently-precipitated into the BCC-Mg matrix in the recently-reported Mg-11Li-3Al (wt.%) alloy,
which renders the alloy with high strength, good ductility, and excellent corrosion resistance [74].
Figure 8 compared the room-temperature mechanical tensile properties (yield strength and elongation
to fracture) of Mg-11Li-3Al alloy with several traditional Mg alloys. It is found that this BCC-based
alloy exhibits not only a higher strength, but also a much better ductility with an elongation to fracture
of about 27%, which is attributed to the coherent precipitation of spherical L21 nanoparticles with a
particle size of 2~20 nm (as shown in Figure 8).

Figure 8. Comparison of the mechanical properties (yield strength and elongation) of the BCC-based
Mg-11Li-3Al alloy in traditional HCP Mg alloys, in which the spherical L21 nanoparticles of the former
BCC Mg alloy are also presented [74].
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4.4. Cu-Based Alloys

The precipitates in various Cu alloys generally show different phase structures, in which the
coherent precipitation of metastable ordered L12 in the FCC-Cu solid solution matrix can appear
in the commonly-used Cu-Ni-Sn alloy system [75–77]. The model alloy is the Cu-15Ni-8Sn (wt.%,
C72900), in which the (Cu,Ni)3Sn precipitates have four crystal structures, FCC-DO3, tetragonal DO22,
ordered L12, and orthorhombic δ. The phase evolution sequence from high to low temperatures is
similar to that in aged Al alloys for different times. When aging at above 550 ◦C, discontinuous and
intragranular DO3-γ precipitates (plate-like shape) appeared in the FCC matrix, as seen in Figure 9a.
Spinodal decomposition often occurred during the early stage of the decomposition below ~500 ◦C,
followed by the DO22 ordering (as seen in Figure 9b) and then L12 ordering (the inset of Figure 9c) [77].
With decreasing aging temperature, spherical L12 nanoparticles could be coherently-precipitated into
the FCC matrix, compared with the rod-like DO22 precipitates. The particle morphology can affect
the mechanical property of this alloy, as seen in Figure 9c, being the variation tendency of the tensile
yield strength with the aging time [77–79]. It was found that the coherent precipitation of spherical
L12 nanoprecipitates corresponds to the highest strength.

Figure 9. Morphologies of ordered DO3-(a), DO22-(b), and L12-(Cu,Ni)3Sn precipitates (c), as well as
the variation tendency of the tensile yield strength of Cu-15Ni-8Sn alloy with the aging time at 350 ◦C
(c) [77,78].

4.5. Fe-Based Stainless Steels

It is well known that the most common strengthening precipitates are carbides, being Cr23C6

and MC (M = Nb, Ti, V, etc.) [7,8]. For some special stainless steels (SSs), there also exist other kinds
of precipitates, such as Laves phases (Fe2M), Ni3M, B2-NiAl, σ-FeCr, and Z-CrNbN, to strengthen
the FCC or BCC matrix [7]. For instance, austenitic SSs for the use in high-temperature (600~800 ◦C)
and oxidation environment are generally strengthened by MC, Cr23Cr6, Z, Fe2M, or B2-NiAl [80,81].
However, it is noted that these phases are not coherent with the FCC austenite matrix, which can
lead to the coarsening of second phase precipitates, as a final result of softeness or embrittlement (the
latter mainly caused by the σ phase). Very interestingly, another kind of high-temperature ferritic
SSs with a coherent microstructure of ordered B2 phase precipitation into BCC matrix have been
developed [12,13,82–88]. As shown in Figure 10a, the Fe-6.5Al-10Ni-10Cr-3.4Mo-0.25Zr-0.005B (wt.%,
FBB8) alloy exhibits a prominent creep resistance at 700 ◦C, better than the conventional P92, P122,
T122, and 12CR steels [12,84]. It is attributed to the coherent precipitation of spherical B2 nanoparticles
into BCC ferritic matrix (Figure 10b), similar to that in FCC Ni-based superalloys [5]. The further
addition of 2 wt.% Ti into FBB8 induces another ordered L21-Ni2AlTi phase of the BCC solid solution,
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forming a coherent microstructure with cuboidal B2/L21 hierarchical precipitates (Figure 10c) [89,90].
We calculated the lattice misfit between BCC and B2/L21 phases with the formulas of ε = 2(aB2 −
aBCC)/(aB2 + aBCC) and ε = 2(aL21 − 2aBCC)/(aL21 + 2aBCC), in which aB2, aL21, and aBCC are the lattice
constants of B2, L21, and BCC solid solution phases, respectively. It was found that the cuboidal
precipitation of B2/L21 phases mainly resulted from the larger lattice misfit of ε = 0.7% between the
BCC and L21 phases in the Ti-modified FBB8, while the smaller value of ε = 0.06% promotes the
formation of spherical B2 precipitates in FBB8. More importantly, it is due to the cuboidal precipitation
that further improves the creep-resistant property of the Ti-modified FBB8 alloy at 700 ◦C (Figure 10a),
possessing a better creep life than FBB8.

Figure 10. (a) Larson-Miller parameters (LMP) for FBB8, Ti-modified FBB8, and several conventional
steels (P92, P122, T122, and 12CR) [89]; (b,c) morphologies of spherical B2 nanoprecipitates in FBB8 [12]
and cuboidal L21 nanoprecipitates in Ti-modified FBB8 [89,90], respectively.

Moreover, the precipitation of intermetallic compound Ni3M in the BCC martensite matrix
can make maraging stainless steels with a much higher strength (tensile yield strength of σy

= 1.2~1.5 GPa) [91–94]. Very recently, the coherent precipitation of spherical B2 nanoparticles
with a particle size of 3~5 nm, rather than the Ni3M, in the BCC martensite rendered a
Fe-17Ni-6.2Al-2.3Mo-0.48Nb-0.37C-0.05B (wt.%) steel with a superhigh strength (σy > 1.9 GPa) [9],
as shown in Figure 11. It is attributed to the smaller lattice misfit (ε = 0.17%) that permits the dislocations
cutting through the B2 nanoparticles, in which the high anti-phase boundary (APB) energy can promote
the ordering strengthening by increasing the dislocation shear resistance in the particles.

Figure 11. Tensile engineering stress-strain curve of the aged Fe-17Ni-6.2Al-2.3Mo-0.48Nb- 0.37C-0.05B
steel, in which the microstructures of B2 nanoparticles with a size about 3~5 nm and dislocations are
also shown [9].
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4.6. High-Entropy Alloys

High-entropy alloys (HEAs) with equimolar or near-equimolar mixing of multiple elements
have been found in diverse alloy systems and have attracted more attention due to their interesting
properties and associated scientific understandings. Especially, CoCrFeNi-based HEAs [95–104],
composed of late transition metals (LTMs), were widely investigated due to their exceptional
mechanical properties and potential industrial applications. For instance, the single FCC CoCrFeNiMn
HEA displays an excellent damage tolerance with higher tensile strength and remarkable fracture
toughness than traditional engineering stainless steels at cryogenic temperatures down to −196 ◦C,
which resulted from the microstructural diversity caused by the twinning-induced plasticity (TWIP)
effect [98].

A further addition of Al or Ti into these LTMs-based HEAs can produce phase
transformations [105–131], and then lead to microstructural diversities due to the strong interactions
between Al/Ti and LTMs, resulting in an enhancement of strength. It is primarily attributed to the
coherent precipitation of intermetallic phases, such as L12-Ni3Al from the FCC matrix [125,126],
and B2-NiAl [110,118–124] and L21-Ni2AlTi [107–109] from the BCC matrix. As example, the
(NiCoFeCr)94Ti2Al4 (at.%) HEA possesses a special coherent microstructure with fine spherical
L12-(Ni3(Al,Ti)) nanoprecipitates in the FCC matrix, resulting in a significant strength improvement
with a yield strength over 1 GPa [125]. A newly-developed kind of high entropy Ni-based alloys, such
as Ni48.6Al10.3Co17Cr7.5Fe9.0Ti5.8Ta0.6Mo0.8W0.4 (at.%), exhibit a higher high-temperature hardness
resulted from the γ′-L12 precipitation-strengthening of γ-FCC matrix, where the coherent γ/γ′

microstructure can be thermodynamically stable after aging from 700 ◦C to 1100 ◦C for at least
500 h [126]. It is noted that a small amount of Al addition in HEAs (e.g., Al0.3FeCoNiCr [115–117] and
Al8Co17Cr17Cu8Fe17Ni33 [127]) generally renders spherical L12-Ni3Al particles precipitated in the FCC
matrix, resulting in high strength and good ductility, similar to that in Ni-based superalloys [5,132].
With increasing Al content, not only the FCC matrix of AlxFeCoNiCr series of HEAs transforms
into the BCC phase, but also the precipitates change from L12-Ni3Al to B2-NiAl, as a result of an
enhancement of strength drastically [114–118]. In addition, fixing Al content, the mutation of transition
metals can also change the phase transition from FCC to BCC, as evidenced by the two HEAs of the
FCC-based Fe36Co21Cr18Ni15Al10 (at.%) and the BCC-based Fe36Mn21Cr18Ni15Al10 (at.%) HEA with
cuboidal B2 nanoprecipitates [109,123]. Furthermore, a minor addition of Ti (4 at.%) into these two
HEAs leads to the formation of L21-Ni2AlTi phase, rather than the B2, but the L21 precipitates exhibit
different morphologies, being plate-like shape in the former alloy and cuboidal shape in the latter,
respectively [109].

Experimentally, it is difficult to obtain cuboidal or spherical morphology of coherent B2 or L21

precipitates in BCC-based HEAs, which is primarily attributed to a large lattice misfit between BCC
and B2 phases caused by the large composition difference. Thus, a weave-like microstructure of BCC
and B2/L21 always occurred in these BCC-based HEAs, since it is sensitive to the Al/Ti content, such
as the AlFeCoNiCr HEA, leading to a serious brittleness [114]. Massive efforts have been done to
research for the cuboidal or spherical B2/L21 precipitation in various systems through adjusting both
Al and transition metals [107–109,118–124,128,129]. It is fascinating that spherical or cuboidal B2/L21

nanoprecipitates are coherently-existed not only in Al/Ti-LTM HEAs (e.g., Fe34Cr34Ni14Al14Co4

at.% [121]), but also in refractory HEAs consisted of Al and early transition metals [111,128,129].
For instance, the coherent precipitation of spherical B2 nanoparticles in BCC matrix improves the
room- temperature compressive ductility on a large extent of refractory Al0.5NbTa0.8Ti1.5V0.2Zr HEA,
while maintains high yield strength at both room and elevated temperatures [129].

Table 1 lists the mechanical properties (yield strength σy and ductility δ) at room and elevated
temperatures of some precipitation-strengthened HEAs, including L12-strengthed FCC-based HEAs
and B2/L21-strenthened BCC-based HEAs. The mechanical properties of commercial boiler steel
HR3C (Fe54.73Cr24.01Ni20.6C0.05Nb0.37N0.24, wt.%) [133,134], newly-developed Ti-modified FBB8
ferritic stainless steel [89,90], and commercial Ni-based polycrystalline superalloy Inconel 718
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(Ni53Fe18.5Cr19Nb5.1Mo3.0Ti0.9Al0.5 wt.%) [135,136] were also listed in Table 1 for reference. Compared
with the HR3C austenitic stainless steel strengthened by MC-type carbides and Z-NbCrN nanoparticles,
the FCC-based HEAs containing coherent spherical L12 nanoprecipitates generally exhibit higher yield
strengths at both room and elevated temperatures, in which the particle size must exceed a certain
value to ensure high strength according to the strengthening mechanism. In fact, the high-temperature
strength has been improved in the newly-developed Ti-modified FBB8 ferritic stainless steel due to the
coherent precipitation of cuboidal L21 nanoparticles [89,90]. The higher room-temperature strengths
of BCC-based HEAs with cuboidal B2/L21 precipitation are comparable to that of Ni-based Inconel
718 superalloy. Especially for the Al-contained refractory HEAs [128,129], the yield strengths at both
room and elevated temperatures (up to 1200 ◦C) are all much higher than that of Inconel 718, which
will be softened at the temperature above 900 ◦C.

Table 1. Data summary for some typical precipitation-strengthened HEAs, including alloy composition,
matrix phase, particle size and morphology of precipitated phase at room temperature (RT), and
mechanical properties (yield strength σy and ductility δ) at both room and elevated temperatures. The
mechanical properties of commercial HR3C steel and Inconel 718 superalloy, as well as Ti-modified
FBB8, are also listed for reference.

Alloys Matrix Phase
Particle Size (nm) and

Morphology of Precipitated
Phase at RT

Mechanical Properties

Temp. (◦C) σy (MPa) δ (%)

(NiCoFeCr)94Ti2Al4 (at.%) [125]
(tensile test) FCC 25

Spherical L12
RT 1005 17

Ni48.6Al10.3Co17Cr7.5Fe9.0Ti5.8Ta0.6Mo0.8W0.4
(at.%) [126]

(microhardness test)
FCC

287
Spherical L12

RT 1230 -
500 1128 -
700 1056 -
900 918 -

Fe36Co21Cr18Ni15Al10 (at.%) [123]
(compressive test) FCC

90
plate-like B2/BCC

RT 250 >50
400 155 >50
600 150 >50

Al0.3FeCoNiCr [117]
(tensile test) FCC 35

Spherical L12
RT 160 60.8

Al0.5CoCuCrFeNi [113,131]
(tensile test) FCC

200~400
Spherical L12

RT 1290 5.7
600 425 2.8
700 186 5.4

Al8Co17Cr17Cu8Fe17Ni33 (at.%) [127]
(tensile test) FCC

<20
Spherical L12

RT 357 9
500 315 0.7

Fe36Mn21Cr18Ni15Al10 (at.%) [123]
(tensile test) BCC 160

Cuboidal B2

RT 750 2.5
400 640 20
500 515 42
600 310 55

Fe35Mn20Cr17Ni12Al12Ti4 (at.%) [109]
(compressive test) BCC

190
Cuboidal L21

RT 1280 31
400 1100 >50
600 355 >50

Fe35Co20Cr17Ni12Al12Ti4 (at.%) [109]
(compressive test) BCC

65
Plate-like L21

RT 1420 18
400 1285 24
600 795 >50
800 285 >50

Al0.7NiCoFe2Cr [119]
(tensile test) BCC 50~90

Cuboidal B2

RT 1085 8.2
650 454 6.4
700 108 5.5

Al0.7NiCoFeCr2 [120]
(compressive test) BCC 80~120

Cuboidal B2 RT 1718 26.5

(Al2Ti)0.7NiCoFeCr2 [107]
(compressive test) BCC 50~60

Cuboidal L21
RT 1808 35

AlMo0.5NbTa0.5TiZr [128]
(compressive test) B2

10~55
Cuboidal & plate-like BCC

RT 2000 10
600 1870 10
800 1597 11

1000 745 >50
1200 250 >50

Al0.5NbTa0.8Ti1.5V0.2Zr [129]
(compressive test) BCC

50
Spherical B2

RT 1345 38
600 1423 16.2
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Table 1. Cont.

Alloys Matrix Phase
Particle Size (nm) and

Morphology of Precipitated
Phase at RT

Mechanical Properties

Temp. (◦C) σy (MPa) δ (%)

HR3C
Fe54.73Cr24.01Ni20.6C0.05Nb0.37N0.24 (wt.%)

[132,133]
(tensile test)

FCC
25~30

Spherical Z-NbCrN phase

RT 368 48

650 180 46

Ti-modified FBB8
Fe67.85Al6.5Ni10Cr10Mo3.4Ti2Zr0.25B0.005

(wt.%) [89,90]
(In-situ tensile test)

BCC
84~138

Cuboidal L21

RT 1138 MPa, converted
from HV value

700 230 7.5

Inonel 718
Ni53Fe18.5Cr19Nb5.1Mo3.0Ti0.9Al0.5 (wt.%)

[134,135]
(tensile test)

FCC
15~25

Spherical γ′-L12 and
γ′ ′-Ni3Nb

RT 1206 17.8
600 1048 17.1
700 979 20.5
800 629 28.0
900 262 83.0

In our recent work, we obtained spherical or cuboidal B2 nanoprecipitates in the BCC matrix of
Al-TM HEAs with the composition formula of Al2M14 (=Al0.7M5 in molar fraction), in which Al is
fixed and M represents different mutations of Ni, Co, Fe, and Cr [119,120]. The Al2M14 was designed
with the guide of a cluster formula approach through mutating the combinations of TMs, rather
than the Al. It is noted that the addition of a much more amount of BCC stabilizers (Fe and Cr) can
favor to the formation of the BCC/B2 structures without any FCC phase in alloys. More significantly,
the cuboidal B2 nanoprecipitation in alloys with M = NiCoFe2Cr and M = NiCoFeCr2 is strongly
attributed to a moderate lattice misfit (ε ~0.4%) between BCC and B2 phases, as seen in Figure 12a [120].
It is due to the cuboidal B2 nanoparticles in the BCC matrix that produces a prominent mechanical
property with higher strength (σy = 1.1~1.7 GPa) and good ductility. Besides, these cuboidal B2
nanoprecipitates in these two alloys are very stable and could not be coarsened even after a long-time
aging at 773 K for 1080 h [137]. In addition, the Ti substitution for Al in Al2M14 HEAs can change
the phase structures of ordered precipitates, from B2-NiAl to L21-Ni2AlTi. Furthermore, a minor
amount of Ti substitution with a ratio of Al/Ti ≥ 2/1 can still keep the cuboidal morphology of L21

nanoprecipitates for the achievement of a higher strength (σy = 1.8 GPa) due to a moderate lattice
misfit (Figure 12b) [107,108]. Figure 12c shows the variation tendencies of (ΔσCS + ΔσMS) and Δσorowan

with the particle size r in typical (Al,Ti)2M14 alloys at a fixed f. The used parameters for yield strength
increment calculations are M = 2.73, αε = 2.6, GBCC = 83 GPa, GB2 = 80 GPa, GL21 = 73.6 GPa, m = 0.85,
b = 0.254 nm, (γapb)B2 = 0.25 J/m2, (γapb)L21 = 0.04 J/m2, and v =0.3, respectively. The optimal particle
size r0, corresponding to the largest strength increment, is calculated by the equation of (ΔσCS + ΔσMS)
= Δσorowan in light of the precipitation strengthening mechanism. It is noted that when the particle size
of B2 or L21 nanoprecipitates exceeds a certain value (about 40 nm), the (ΔσCS + ΔσMS), rather than
the ΔσOR, will dominates the dislocation-shearing mechanism, compared with the phenomenon in
the above-mentioned superhigh strength Fe-17Ni-6.2Al-2.3Mo-0.48Nb-0.37C-0.05B (wt.%) alloy [9].
More importantly, it can be demonstrated that the higher strength of (Al,Ti)2M14 HEAs is primarily
attributed to the fact that the experimental particle size (50~120 nm) of B2 or L21 cuboids is close to the
optimal size r0 for the maximum strength increment from theoretical calculations.
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Figure 12. Computations of (ΔσCS + ΔσMS) and Δσorowan as a function of particle size r for the
present Al0.7Ni1Co1Fe1Cr2, Al0.7Ni1Co1Fe2Cr1, and (Al2Ti)0.7Ni1Co1Fe1Cr2 HEAs (c), in which the
morphologies of the coherent cuboidal B2 (a) and L21 (b) precipitates are also presented [107,108,120].
The optimal particle size r0 from the calculation and the experimentally-measured r are also marked
for each alloy.

5. Thoughts on the Coherent Precipitation Strengthening

The coherent precipitation of ordered L12-γ’ nanoprecipitates into the FCC-γ matrix renders
the Ni-based superalloys with prominent mechanical properties at elevated temperatures close to
melting points, which is hard to realize in other conventional alloy systems. The main reason is that
in most conventional alloy systems, such as Al alloys, Mg alloys, and Cu alloys, the finally-stable
precipitated phases are not the ordered superstructures of their parent solid solutions. In fact, the
precipitation sequence of G.P. zones → metastable coherent ordered phases → stable non-coherent
intermetallic phases often appears during the aging process, in which only the coherent precipitation
corresponds to the peak strength. Therefore, many researchers have been exploring how to maintain
the long-term stability of coherent precipitates through adjusting the amount of alloying elements or
changing element species. Take the Mg alloys for instance. Based on the Mg-Al binary alloys without
any ordered phases, the addition of a superlarge-size element Ca can form an ordered G.P. zone on
the basal plane of the HCP matrix, i.e., clusters induced by Ca atoms, which can improve the creep
resistance, but cannot enhance the strength [65]. So, in order to further improve the alloy strength,
Mg-Gd-, Mg-Y-, and Mg-Nd-based alloys have been developed, in which several typical alloys, such as
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Mg-18.2Gd-1.9Ag-0.3Zr, Mg-6Y-4.9Zn, and Mg-10Gd-5.7Y-1.6Zn-0.7Zr (wt.%), possess a much higher
ultimate tensile strength of above 400 MPa [57]. An obvious feature in these alloy systems is that the
interplanar distance of G.P. zones (d = 0.37 nm) is getting closer to the lattice constant (a~0.32 nm) of
the basal plane of HCP-Mg matrix, compared with that (d = 0.556 nm) in Mg-Al-Ca alloys. Hence, the
much better coherency between the G.P. zones and the Mg matrix promotes the formation of ordered
superstructure (DO19-Mg3(Gd,Nd)) of the HCP solid solution, resulting in a higher strength. From the
viewpoint of alloying element species, it can be found that the key factor for the better coherency is
that the super large-size elements (Gd, Y, etc.) and small-size elements (Zn, Ag, etc.) must be added
simultaneously to balance the interplanar distance of G.P. zones close to the lattice constant of Mg
matrix. Till recently, the HCP-Mg matrix was changed into the BCC-Mg matrix in Mg-Li-Al system,
in which the coherent precipitation of ordered superstructure of L21-Li2MgAl improves the tensile
ductility, besides the higher strength of alloys [74]. It demonstrates sufficiently the important role of
coherent precipitation in the development of high-strength structural materials.

In addition, in the case of coherent precipitation, the morphology of the coherent precipitates
is also important to the mechanical properties of alloys, which has been identified by the presence
of cuboidal L12-γ′ nanoprecipitates in Ni-based single-crystal superalloys [5]. It is known that the
precipitate morphology (shape and size) is primarily controlled by the lattice misfit between the
ordered phase and its parent solid solution. A moderate lattice misfit for cuboidal nanoprecipitates
should be achieved by mutating the lattice constants of these two phases simultaneously. For the
γ/γ′ coherent microstructure, it is relatively easy to adjust the lattice misfit because there exists a
relatively-small composition difference between γ and γ′ phases. In contrast, it is difficult to adjust
the lattice misfit between the B2 or L21 phase and the BCC matrix rationally in conventional alloy
systems due to the relatively-larger composition difference between these two phases. In most cases,
there often exhibits a weave-like microstructure induced by spinodal decomposition. The recent
development of high-entropy alloys shows a bright insight to achieve the ideal (cuboidal) coherent
microstructure since the phase compositions can be adjusted within a wide range in multi-principal
alloy systems. Actually, all of the Ni-based single-crystal superalloys are concentratedly-complex
alloys, generally containing more than ten elements, which favors the mutation of lattice misfit. So,
some new BCC-based superalloys with superhigh strength and/or better creep resistance have been
developed recently, which is derived from the coherent precipitation of spherical/cuboidal B2 or L21

nanoprecipitates in the BCC matrix [9,89,90,108,120].
It is emphasized that whether the formation of coherent phases or the morphology of coherent

precipitates is considered, both are closely related to the chemical composition. However, the rational
matching of solute elements in the ordered phase and the solid solution was seldom considered
when designing alloy compositions, since the solute distribution in the parent solid solution has not
been clear until now. Actually, the local chemical structural units (chemical short range orders,
CSROs) induced by solute elements are crucial to the stability of parent solid solution at high
temperatures [138,139], which decides the precipitation of ordered phase during the aging or as-cast
state. The recently-proposed cluster-plus-glue-atom model has defined such local chemical structure
units in solid solutions [120,140–142], in which the cluster is the nearest-neighbor polyhedron centered
by a solute atom having the strong interaction with the base solvent atoms to represent the strongest
CSRO, and some other solute atoms (i.e., glue atoms) with weak interactions are certainly required to
fill the space between the clusters to balance the atomic-packing density. Thus, a composition formula
of [cluster] (glue atom) x (x being the glue-atom number) can be obtained from the cluster model.
So, the phase compositions of ordered phase and their parent solid solution could be considered in
light of the chemical structural units, respectively. Combined with the volume fraction of coherent
precipitates, it would provide a new approach of composition design to develop high-performance
compositionally-complex alloys with coherent precipitation.
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6. Conclusions

In the present work, the precipitation behavior and precipitation strengthening in
compositionally-complex alloys were generalized comprehensively, including high-performance
conventional engineering materials (Ni superalloys, Al alloys, Mg alloys, Cu alloys, and stainless
steels), and newly-developed high entropy alloys. The morphology evolution of second-phase particles
and precipitation strengthening mechanism were introduced firstly. Then, the precipitation behaviors
in diverse compositionally-complex alloy systems are illustrated, respectively. After discussing
the relationship between the particle morphology and strengthening effectiveness, alloys with
the coherent microstructure of the ordered phase precipitated in the disordered solid solution
matrix were specially emphasized, since they exhibit prominent mechanical properties (superhigh
strength/toughness and excellent high-temperature creep resistance). The universal feature existed
in all compositionally-complex alloys is the coherent precipitation, which will be the most effective
approach for the enhancement of alloy strength.
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Abstract: Refractory high entropy alloys (HEA) are promising materials for high temperature
applications. This work presents investigations of the room temperature tensile mechanical properties
of selected 3 and 4 elements medium entropy alloys (MEA) derived from the HfNbTaTiZr system.
Tensile testing was combined with fractographic and microstructure analysis, using scanning electron
microscope (SEM), wavelength dispersive spectroscope (WDS) and X-Ray powder diffraction (XRD).
The 5 element HEA alloy HfNbTaTiZr exhibits the best combination of strength and elongation
while 4 and 3 element MEAs have lower strength. Some of them are ductile, some of them brittle,
depending on microstructure. Simultaneous presence of Ta and Zr in the alloy resulted in a significant
reduction of ductility caused by reduction of the BCC phase content. Precipitation of Ta rich particles
on grain boundaries reduces further the maximum elongation to failure down to zero values.

Keywords: refractory high entropy alloys; medium entropy alloys, mechanical properties;
microstructure

1. Introduction

High entropy alloys (HEAs) attract attention of a growing number of scientists and researchers.
A concept of mixing of 5 or more elements in equimolar or near equimolar concentrations is used in
order to explore central regions of multicomponent alloy phase space [1]. This approach is driven by
possibility to get stable solid solution microstructure of the alloy with favourable mechanical properties
(high strength and good ductility) as well as other physical properties, for example, good corrosion
resistance [2]. Microstructure stability shall be provided by high configurational entropy of the system,
supposing random arrangement of alloying elements [3,4]. Although increased configurational entropy
may in principle stabilize solid solution its stabilizing effect is usually found insufficient to counteract
driving forces for formation of intermetallic phases [5,6].

Since the pioneering work of Yeh [4], original concept has been evolved and widened. The term
HEA is connected mainly with approach utilizing high configurational entropy to get single phase
solid solution of multiple elements. Multiple principal element alloys (MPEA) represent a broader
approach when the main motivation is exploring of a vast composition space of multi-principal element
alloys without primary concern about the magnitude of the configurational entropy [1]. MPEAs with
multi-phase microstructures are denoted complex concentrated alloys (CCA) [1].
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Different elements are used to fabricate HEAs. Although the number of possible 4 or 5 elements
combinations is enormous five basic metallic HEA groups can be distinguished: FCC HEAs based on
the Cantor alloy, BCC refractory metal HEAs, light element HEAs, HCP HEAs and precious functional
HEAs [7]. Ceramic HEAs have been established as well [8,9].

Our attention was attracted by the refractory HEA group, which is composed of elements from IV,
V and VI groups of the periodic table of elements [10]. These elements are characterized by prevailing
good mutual miscibility and high melting points. The melting point of titanium (1668 ◦C) is the
lowest among them. Therefore HEAs composed of these elements are intended for high temperature
applications. Moreover some of these elements are biocompatible [11]. Therefore some of these alloys
can be attractive for bioimplant related materials research. Note that β-Ti alloys used in bioimplant
research are usually composed of this group of elements [12]. Several biocompatible HEAs have been
already studied [13–16]. Also, hard ceramic composites were produced from the metals from IV, V and
VI groups of the periodic table [17].

Original definition of HEAs with single phase solid solution microstructure and good room
temperature mechanical properties, especially ductility, is beneficial also for use in human medicine.
Inspiration can be found also in other materials used for production of bioimplants which are used
or have been used in other parts of material research, for example, TiAl6V4 in aerospace, CoCrMo in
aero engines.

Our first attempt in research of HEAs was therefore related to HfNbTaTiZr refractory metal
alloy [18]. Our research was inspired by Senkov [19] and confirmed our expectations. Ingots produced
by vacuum arc melting possessed single phase solid solution microstructure, with a high room
temperature tensile strength and ductility.

Some of the elements used in the HfNbTaTiZr alloy are very similar to each other with very
similar chemical behaviour; Nb is chemically similar to Ta and Zr to Hf. Therefore a question has
emerged whether it is necessary to use all of these elements in order to get random solid solution and
good mechanical properties (high strength and sufficient ductility).

The design of the present experiment was as follows. First, we reduced the original HfNbTaTiZr
alloy system by removing Hf, which is almost identical to Zr from the chemical point of view, then we
distracted Ta, which is very similar to Nb; thus getting NbTiZr alloy with equiatomic concentrations.
Then we produced also other 3 element combinations containing Ti, namely TaTiZr and NbTaTi.
Based on the observed results; 4 element alloys containing Ti and Ta with different Nb to Zr ratio were
produced as well to explore the influence of chemical composition on elongation.

NbTaTiZr [14] and NbTiZr [20,21] studies have already been reported. No reports about TaTiZr
and NbTaTi were found in literature.

One can notice that set of the produced element combinations is not complete. The motivation for
element selection was as follows. Titanium was used in all combination because it is element with
the lowest density. Hafnium was not used since it is very reactive in ambient atmosphere and it is
hard to get Hf free of impurities. Both hafnium and tantalum are high density and high price element;
thus less suitable for practical use.

2. Materials and Methods

Experimental alloys were prepared by vacuum arc melting in water cooled copper crucible.
Chemical purity of inserted elements was 99.9%. Final cast ingot has approximately 100 mm in length,
30 mm in width, 10 mm in height and 400 g in weight. Casting was performed 8x times and flipped for
each melt to mix the elements thoroughly and suppress chemical heterogeneity. All investigated alloys
were prepared at the same equipment under the same conditions. Nor HIP, nor other heat treatment
was applied to the cast material.

Tensile test bodies 5 mm in diameter and 25 mm of measured length were strained with the strain
rate of 2 × 10−4 s−1 using Instron 1185 testing machine equipped with video extensometer.
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Metallographic sections perpendicular to the length of the casting were prepared. Vickers hardness
HV30 was measured using Zwick ZHU 250 Topline universal testing machine.

Fractography analysis of broken specimen surfaces was carried out on a scanning electron
microscope (JEOL JSM 7600F).

Microstructure was examined by scanning electron microscope (FEI Quanta 200F) equipped with
wavelength dispersive X-ray spectroscope (WDS) for local chemical composition analysis.

In order to determine phase composition and structures of phases in the alloys, powder X-ray
diffraction (PXRD) analysis was performed. A Bruker D8 Discover diffractometer, CuKα radiation
and 1D detector were used. Lattice parameters and phase composition were determined by Rietveld
analysis of PXRD diffraction patterns using TOPAS V5 code [22].

Ab-initio quantum Monte Carlo (MC) simulation was performed to obtain atomic configuration
of the 5 element HfNbTaTiZr alloy. Hf, Nb, Ta, Ti, Zr ions were distributed randomly in equimolar
concentration into a 250 atom BCC supercell. This initial state was relaxed with respect to ion positions
until minimum of the total free energy was reached. The equilibrium configuration corresponding to
minimum free energy was obtained using a Metropolis MC algorithm at 300 K (room temperature).
The details of the simulation and more complete results will be published elsewhere.

3. Results

3.1. Chemical Composition

Chemical compositions of investigated alloys in atomic percentages are given in Table 1.
Important HEA related parameters are listed in Table 2. Valence electron concentration—VEC, mixing
enthalpy−ΔHmix, difference in atomic radii−δ, Ω parameter, mixing entropy−Smix are calculated
in accordance with literature [1], where Tm is a calculated average melting point. According to
entropy-based definition HEAs are characterized by the configurational entropy higher than 1.61 R [1].
Hence, according to this definition, only HfNbTaTiZr alloy is high entropy alloy. The other alloys
studied in the present work are medium entropy alloys.

Table 1. Chemical composition of investigated alloys in at.%, including important properties of
individual elements.

Ti Ta Nb Zr Hf

molar mass 47.867 180.94 92.9 91.22 91.224
density (g cm−3) 4.51 7.14 7.8 6.51 6.5
melting temp. (K) 1941 3269 2741 2125 2495
atomic radius (Å) 1.47 1.43 1.43 1.62 1.6

VEC 4 5 5 4 4

HfNbTaTiZr 0.2 0.2 0.2 0.2 0.2
NbTaTiZr 0.25 0.25 0.25 0.25 0

NbTaTi 0.333 0.333 0.333 0 0
TaTiZr 0.333 0.333 0 0.333 0
NbTiZr 0.333 0 0.333 0.333 0

Nb1.5TaTiZr0.5 0.25 0.25 0.375 0.125 0
Nb0.5TaTiZr1.5 0.25 0.25 0.125 0.375 0
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Table 2. Important high entropy alloy (HEA) related parameters if investigated alloys calculated using
data from Table 1.

VEC ΔHmix δ Tm [K] Ω Smix Smix

[kJ/mol] [%] [J/(mol K)] [R*J/(mol K)]

HfNbTaTiZr 4.4 2.72 5.51 2514.20 12.37 13.38 1.61 HEA
NbTaTiZr 4.5 2.50 5.26 2519.00 11.61 11.53 1.39 MEA

NbTaTi 4.662 1.33 1.31 2647.68 18.17 9.13 1.10 MEA
TaTiZr 4.329 1.77 5.43 2442.56 12.57 9.13 1.10 MEA
NbTiZr 4.329 2.66 5.43 2266.73 7.78 9.13 1.10 MEA

Nb1.5TaTiZr0.5 4.625 2.13 4.20 2596.00 13.42 10.98 1.32 MEA
Nb0.5TaTiZr1.5 4.375 2.38 5.67 2442.00 11.29 10.98 1.32 MEA

3.2. Mechanical Properties

Tensile curves of investigated alloys performed at room temperature are shown in Figure 1.
Results of tensile tests performed and hardness measurements performed at room temperature are
given in Table 3.

Figure 1. Tensile curves of investigated alloys at room temperature. Curves for brittle alloys TaTiZr,
Nb1.5TaTiZr0.5 and Nb0.5TaTiZr1.5 were shifted horizontally to make them visible.

Table 3. Room temperature mechanical properties of the alloys studied.

Alloy Rp0.2 [MPa] Rm [MPa] A [%] E [GPa] HV30

HfNbTaTiZr 1155 1212 12.3 59 359
NbTaTiZr 1144 1205 6.4 98 358

NbTaTi 620 683 18.5 143 246
TaTiZr - 284 0 157 485
NbTiZr 956 991 14.2 88 295

Nb1.5TaTiZr0.5 822 852 0.33 127 294
Nb0.5TaTiZr1.5 - 843 0 93 489

The 5 element HEA HfNbTaTiZr alloy has the best tensile properties among the alloys studied,
both regarding the strength and elongation. The 4 element NbTaTiZr alloy has similar strength and
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hardness as HfNbTaTiZr but elongation is reduced to 6.4%. The NbTaTi has low strength, half of that
for HfNbTaTiZr but the highest elongation. The NbTiZr alloy has strength values below 1000 MPa
but elongation is relatively high (14.2%). The TaTiZr alloy exhibited brittle behaviour, breaking before
reaching the yield point. The Nb0.5TaTiZr1.5 alloy performed very similarly, breaking also before
reaching yield point but a little bit later than TaTiZr alloy. The Nb1.5TaTiZr0.5 alloy reached the yield
point (822 MPa) but the elongation was 0.33% only.

Highest hardness (HV30 = 485) values were measured in the most brittle alloys TaTiZr and
Nb0.5TaTiZr1.5. Hardness of the 4 and 5 element equimolar alloy was very similar to each other,
lower by ≈130 HV compared to the brittle alloys. Hardness of the NbTiZr and Nb1.5TaTiZr0.5 are
slightly lower than 300 HV. The most ductile alloy NbTaTi exhibited the lowest hardness of 246 HV.

3.3. Fractographic Analysis

Fracture surfaces of specimen broken during tensile test were subjected to fractographic analysis,
see Figure 2. Both transgranular and intergranular ductile fracture can be found on fracture surfaces of
the NbTiTaZr alloy, see Figure 2a–c. Elongated particles were observed on the intergranular ductile
fracture surface. Ductile dimples of different diameters were found on the transgranular fracture
surface of NbTaTi alloy, see Figure 2d. Transgranular ductile fracture was found also in the case of
NbTiZr alloy (Figure 2f). On the other hand, fracture surface of TaTiZr alloy is dominantly flat and
brittle and containing number of needle like particles, see Figure 2e. River-like pattern is present as well
(not shown). Nb1.5TaTiZr0.5 specimen fracture surfaces are composed of transgranular ductile fracture
and intergranular fracture, see Figure 2g. A lot of particles are present on the intergranular part of the
fracture surface. Nb0.5TaTiZr1.5 fracture surfaces (Figure 2h–i) are similar to those of Nb1.5TaTiZr0.5

and NbTaTiZr alloy but without presence of particles on the intergranular part of the fracture surface.
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Figure 2. Scanning electron microscopy (SEM) image of investigated fracture surfaces: (a), (b),
(c) NbTaTiZr alloy; (d) NbTaTi alloy (e) TaTiZr alloy; (f) NbTiZr alloy; (g) Nb1.5TaTiZr0.5 alloy;
(h), (i) Nb0.5TaTiZr1.5 alloy; where TG denotes transgranular ductile fracture and IG intergranular
ductile fracture.

3.4. Microstructure

Microstructure of the investigated alloys is shown in Figure 3. Grains size was estimated by light
microscopy on metallographic specimens with mirror-like polished and slightly etched surface using
the linear intercept procedure [23]. It revealed grain size around 0.5 mm which is similar for all alloys.
All alloys, except of NbTiZr alloy, exhibited dendritic segregation.
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(a) (b) 

(c) (d) 

(e) (f) 

Figure 3. SEM image of investigated alloys microstructure: (a) NbTaTiZr alloy; (b) NbTaTi alloy;
(c) TaTiZr alloy; (d) NbTiZr alloy; (e) Nb1.5TaTiZr0.5 alloy; (f) Nb0.5TaTiZr1.5 alloy.

Small submicron precipitates were found on grain boundaries of TaTiZr, Nb1.5TaTiZr0.5 and
Nb0.5TaTiZr1.5 alloys, see Figure 4. WDS analysis of these precipitates revealed that they are rich in Ta.
For example the average Ta concentration in the precipitates in TaTiZr alloy is (52 ± 1) at.% while the
Ta content in the matrix of this alloy was found to be (38 ± 1) at.%.
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(a) (b) 

(c) (d) 

Figure 4. SEM image of investigated alloys microstructure: (a), (b) TaTiZr alloy; (c) Nb1.5TaTiZr0.5

alloy; (d) Nb0.5TaTiZr1.5 alloy.

Figure 5 illustrates existence of two phases. One of them appears brighter because of
higher average Z number while the second one appears darker due to lower average Z number.
Phase separation into these two phases occurs on the length scale of ~20 μm. The only exception is
NbTiZr alloy, which shows no phase segregation, see Figure 5d. WDS line analysis showed enhanced
concentration of Zr and Ti in the dark phase and Ta and Nb in the bright phase, see Table 4.
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Figure 5. WDS line analysis of: (a) NbTaTiZr alloy; (b) TaTiNb alloy; (c) TaTiZr alloy; (d) NbTiZr alloy;
(e) Nb1.5TaTiZr0.5 alloy; (f) Nb0.5TaTiZr1.5 alloy.
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Table 4. Chemical composition in atomic % of bright and dark phase in investigated alloys.
Uncertainties of concentrations (one standard deviation) are given in parenthesis.

Alloy Phase Ti Zr Nb Ta

Nb0.5Ta TiZr1.5 Bright 0.19(1) 0.28(1) 0.16(1) 0.37(2)
Dark 0.22(2) 0.42(3) 0.15(2) 0.21(2)

nominal 0.25 0.375 0.125 0.25

Nb1.5Ta TiZr0.5 Bright 0.13(1) 0.07(1) 0.41(3) 0.39(3)
Dark 0.22(2) 0.22(2) 0.36(2) 0.20(2)

nominal 0.25 0.125 0.375 0.25

NbTaTiZr Bright 0.17(1) 0.16(1) 0.32(2) 0.35(22)
Dark 0.25(2) 0.35(2) 0.23(2) 0.17(1)

nominal 0.25 0.25 0.25 0.25

NbTaTi Bright 0.23(2) 0.28(1) 0.49(2)
Dark 0.42(2) 0.28(1) 0.30(1)

nominal 0.333 0.333 0.333

TaTiZr Bright 0.32(2) 0.16(2) 0.52(2)
Dark 0.40(3) 0.35(3) 0.25(1)

nominal 0.333 0.333 0.333

3.4.1. XRD Analysis

XRD patterns in Figure 6 exhibit peaks in positions corresponding to reflection of a BCC phase
but with different extent of broadening. HfNbTaTiZr [18], NbTaTi and NbTiZr alloys consist of single
BCC phase. Rietveld refinement of XRD patterns suggested existence of two BCC phases with slightly
different lattice parameters in case of NbTaTiZr and TaTiZr alloys (Table 5). This corresponds to the
previously observed presence of the dendritic microstructure in the feedstock powder particles [24].
The regions that solidify earlier were enriched in Nb, Ta, thereby triggering a measurable change in
the respective lattice parameters of the BCC regions as compared to the interdendritic regions with
increased Zr, Ti content. Rietveld refinement suggested even three BCC phases in case of Nb1.5TaTiZr0.5,
Nb0.5TaTiZr1.5 with similar lattice parameters (Table 5). Grain size cannot be calculated from XRD
data since the broadening of XRD reflections caused by finite grain size was found to be negligible.
It means the average grain size of the alloys studied is higher than 100 nm which is consistent with
metallographic and SEM observations. Dominant source of peak broadening is chemical heterogeneity,
that is, local changes of lattice parameter due to spatial variations of chemical composition.
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Figure 6. X-ray diffraction (XRD) patterns of investigated alloys. Reflections of the BCC phases are
marked by labels.

Table 5. Phase composition of investigated alloys. The lattice parameter (a) and phase content were
obtained using Rietveld refinement fitting.

Alloy BCC1 BCC 2 BCC3

a [Å] [%] a [Å] [%] a [Å] [%]

HfNbTaTiZr 3.4089(1) 100
NbTaTiZr 3.3509(8) 60.15 3.380(2) 39.85

NbTaTi 3.29685(7) 100
TaTiZr 3.446(1) 29.08 3.3184(2) 70.92
NbTiZr 3.3969(1) 100

Nb1.5TaTiZr0.5 3.3220(5) 28.25 3.334(2) 71.22 3.3273(2) 0.53
Nb0.5TaTiZr1.5 3.451(5) 19.64 3.3395(3) 77.97 3.4121(4) 2.39

Note: Error of the last digit is shown in the parentheses.

3.4.2. Monte Carlo Simulation of Microstructure

Ab-initio MC simulation was performed to evaluate the microstructure stability of investigated
alloys. Simulation was performed for the 5 element HfNbTaTiZr alloy, because it contains all elements
considered in investigated alloys.

Hf, Nb, Ta, Ti, Zr ions were distributed randomly in equimolar concentration into a 250 atom
BCC supercell. This initial state was relaxed with respect to ion positions until minimum of the total
free energy was reached. The equilibrium configuration corresponding to minimum free energy was
obtained using a Metropolis MC algorithm at 300 K (room temperature). The details of the simulation
and more complete results will be published elsewhere. Figure 7 shows the equilibrium atomic
configuration corresponding to the minimum of total energy. The most apparent effect is a rather
one-dimensional Ta object (‘wire’) along the <100> direction. The Ta wire is surrounded predominantly
by Nb ions. The rest of the simulation box is filled up by the mixture of Ti, Zr and Hf. The latter
two elements appear to be well separated from the Ta and Nb region. Hence, this preliminary result
indicates inhomogeneity of the HfNbTaTiZr alloy. Such inhomogeneities–though they need to be yet
verified experimentally–could affect physical properties of the alloy.
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Figure 7. Equilibrium atomic configuration of simulated HfNbTaTiZr alloy.

4. Discussion

Mechanical properties tests have revealed that combination of Ta and Zr reduces elongation.
Microstructure analysis revealed existence of dark and bright phases because of Ta-Zr segregation.
This kind of dendritic segregation was reported elsewhere [25–27]. It was shown [25] that Ta with Nb
segregates during solidification to the solid and Zr with Ti to the liquid.

Figure 8a shows relation between the elongation to failure, A and the total atomic fraction of
Ta and Zr. All alloys studied exhibit linear relationship of A on the Ta + Zr concentration. The only
exception is Nb1.5TaTiZr0.5 alloy not following the linear relationship because, it is brittle despite of
relatively low Ta + Zr content. In the latter alloy Nb probably plays similar role as tantalum. Figure 8b
shows the content of the BCC1 phase as a function of the total concentration of is Ta and Zr. Obviously
it obeys similar linear relationship with the net concentration of Ta and Zr as the elongation.

Intergranular nanosized precipitates were found on grain boundaries of brittle alloys with zero
or almost zero elongation, namely TaTiZr, Nb1.5TaTiZr0.5 and Nb0.5TaTiZr1.5. XRD analysis revealed
2 BCC phases (BCC1, BCC2) which are probably caused by the microsegregation [24]. In two cases
small amount of third BCC phase (BCC3) was detected, it can be connected with the intergranular
precipitation. However, it was not investigated in detail in the present study.

Usually relations between the misfit parameter δ [1] and strength or hardness are reported,
since rising δ shall indicate higher solid solution strengthening. Since in the present case we have
single phase solid solution only in 3 alloys out of 7 investigated, the relation between hardness and
δ is more complicated than simple linear dependence. Indeed if we exclude two most brittle alloys,
indicated by red symbols in Figure 9a, the dependence of hardness and δ becomes rather close to
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the linear relationship. In elongation and δ relationship NbTaTi alloy, the most ductile one, destroys
possible correlation as well, Figure 9b.

 
(a) (b) 

Ta + Zr Ta + Zr 

Figure 8. (a) Relation of the total elongation to failure A on the sum of Ta and Zr atomic concentration,
(b) the concentration of the BCC1 phase plotted as a function of the sum of Ta and Zr content. Data for
Nb1.5TaTiZr0.5 alloy are indicated by red symbols and were excluded from linear regression.

(a) (b) 

Figure 9. Relation of δ and: (a) HV30; (b) elongation.

A relation between the elongation and the VEC parameter was reported in case of refractory
HEAs [28]. Alloys with VEC lower than 4.4 shall be ductile, alloys with VEC higher than 4.6
shall be brittle. Figure 10a shows relation between elongation of investigated alloys and their VEC
parameters. VEC values are close to the boundary value of 4.5. Brittle alloys TaTiZr (VEC = 4.329),
Nb0.5TaTiZr1.5 (VEC = 4.375 ) and ductile alloy NbTaTi (VEC = 4.663) do not follow the reported
rule. However, these alloys are MEAs and not HEAs. Brittle alloys with VEC lower than 4.5 are not
single phase systems but contain 2 or 3 BCC phases and intergranular precipitates. NbTaTi is ductile
because of absence of Ta-Zr combination in the alloy. The NbTiZr alloy exhibits similar behaviour.
The HfNbTaTiZr alloy is also ductile, despite the fact that it contains Ta-Zr combination. Although
MC simulation showed segregation of Ta, any mark of such segregation, was detected in experiment.
When plotting the total elongation A as a function of the BCC1 phase content one can observe a clear
linear relationship, see Figure 10b. Hence, there is a positive correlation between the total elongation
and the BCC1 phase content. This is not surprising since both the total elongation and the BCC1 phase
content decrease with Ta + Zr concentration, see Figure 8. The only exception is Nb1.5TaTiZr0.5 alloy
which does not follow this trend.

The presence of other BCC phases influences also fracture mechanisms and fracture surfaces of
tensile specimens.
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(a) (b) 

Figure 10. Relation of the elongation to failure and: (a) the VEC parameter; (b) the content of BCC
1 phase.

It is important to investigate the question of existence of 2 or more BCC phases in our alloys.
In HEA related research a lot of work has been done to establish connection between chemical
composition or related parameters and microstructure, especially existence of single phase or
intermetallics or amorphous microstructure. Satisfying δ < 0.066 and ΔHmix > − 11.6 kJ/mol, however,
is necessary but not sufficient conditions to form solid solutions in HEAs. Checking the binary phase
diagrams among constituent elements can give some further guidance in designing solid solutions
forming HEAs [28]. All our alloys satisfy these two conditions but some of them are not single phase.
Thus binary diagram analysis is needed.

Mixing enthalpies of element pairs relevant to the investigated alloys is shown in Table 6.
Some mixing enthalpies are zero (Ti-Zr, Ti-Hf, Zr-Hf and Ta-Nb – pairs of elements from the same
group) or almost zero (Ti-Ta, Ti-Nb), which is ideal for solid solution forming. Other mixing enthalpies
are little bit higher (Ta-Zr, Ta-Hf, Nb-Zr, Nb-Hf – pairs from different but neighbouring groups).
Above zero mixing enthalpies can cause existence of miscibility gaps in respective binary diagrams.
Binary equilibrium phase diagrams of pairs with higher mixing enthalpies are shown in Figure 11.
No intermetallic phases are present but large miscibility gaps can be found. Although in case of Ta-Zr
diagram miscibility gap is in the range between 800 ◦C and 1780 ◦C, see Figure 10a, we found two
BCC phases at room temperature.

Table 6. Mixing enthalpies of element pairs relevant to the investigated alloys [29].

Ti-Ta Ti-Nb Ti-Zr Ti-Hf
1 2 0 0

- Ta-Nb Ta-Zr Ta-Hf
- 0 3 3

- - Nb-Zr Nb-Hf
- - 4 4

- - - Zr-Hf
- - - 0
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(a) (b) 

(c) (d) 

Figure 11. Binary phase diagrams: (a) Ta-Zr. Reprinted from [30] with permission of Springer Nature;
(b) Nb-Zr. Reprinted from [31] with permission of Springer Nature; (c) Ta-Hf. Reprinted from [32] with
permission of Springer Nature; (d) Nb-Hf. Reprinted from [33] with permission of Springer Nature.

It is not clear whether presence of BCC phases in our less ductile alloys is due to stabilizing by
rapid cooling during vacuum arc melting or due to differences between binary alloy and 3, 4 or 5
element alloys.

Existence of two BCC phases was reported in similar RHEA system with Mo and V instead of Ta
and Nb [34]. CALPHAD simulation of the HfNbTaTiZr was performed, too [35]. A mixture of BCC
and HCP phases with Ta Zr segregation was predicted. Experimental observation was performed on
cold deformed and heat treated alloy in combination with high pressure torsion (HPT) and isothermal
annealing in the range 300 ◦C–1100 ◦C and BCC + HCP phases were identified. Combination of
two BCC phases and HCP was detected in a HfNbTaTiZr specimen annealed at 500 ◦C for 100 h.
On contrary we observed only a single BCC phase in as-cast state.

System HfNbTaTi, similar to our NbTaTiZr alloy was calculated by CAPLHAD method [36].
Also combination of BCC + HCP phases was found to be stable at room temperature the BCC2 phase
appeared between 750 ◦C and 1000 ◦C.

In Ref. [25] equimolar NbTaTiZr was modified by adding Ti and removing Ta and results similar
to the present work were observed. The elongation to failure increased with rising titanium content.
Dendritic segregation came from solidifying, segregation of Ta and Zr and intergranular precipitates
were formed after 1200 ◦C/8 h annealing. But only single BCC phase was found in the as-cast state.
Stabilizing of BCC phase by reduction of Ta content and rising Ti content was proposed [25]. A clear
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correlation between strength or elongation and the misfit parameter δ were established. It is probably
due to single phase microstructure.

Table 7 shows comparison of tensile properties of the alloys studied in the present work with
MEAs reported in literature. There is a good agreement in ultimate tensile strength of NbTaTiZr
alloy but referred rupture strength is higher and elongation much lower than in case alloy studied in
this work.

Elongation, A calc., based on tantalum and zirconium combined content using equation from
Figure 8a was calculated. There is a good correlation in higher Ti contents in case of alloys referred.
But there is important difference in lower Ti content, although single phase solid solution for all
compositions was reported [25].

Table 7. Tensile properties of present and reported medium entropy alloys (MEAs) [25].

Alloy Ta + Zr HV30 Rp0.2 [MPa] Rm [MPa] A [%] A calc. [%] Ref.

HfNbTaTiZr 0.4 359 1155 1212 12.3 12.51 [This work]
NbTaTiZr 0.5 358 1144 1205 6.4 7.33 [This work]

NbTaTi 0.333 246 620 683 18.5 15.98 [This work]
TaTiZr 0.666 485 - 284 0 −1.26 [This work]
NbTiZr 0.333 295 956 991 14.2 15.98 [This work]

Nb1.5TaTiZr0.5 0.375 294 822 852 0.33 13.81 [This work]
Nb0.5TaTiZr1.5 0.625 489 - 843 0 0.86 [This work]

NbTaTiZr 0.5 - * 1190 * 1190 * 0 7.33 [25]
NbTa0.8Ti1.2Zr 0.45 - * 1100 * 1110 * 1 9.92 [25]
NbTa0.6Ti1.4Zr 0.4 - * 1030 * 1070 * 2.5 12.51 [25]
NbTa0.4Ti1.6Zr 0.35 - 910 1040 18 15.10 [25]
NbTa0.2Ti1.8Zr 0.3 - 790 920 22 17.69 [25]

* Values estimated from the figure [25]

This difference corresponds with important change in elongation with Ti fraction. No clear
explanation of this phenomenon was given [25]. Comparing experimental details of the present
study with Ref. [25] one can recognize that dimensions of ingots were different. Ingots of alloys
studied in the present work were larger and thereby solidifies and cools slower than ingots in Ref. [25].
Therefore NbTaTiZr alloy containing 100% of the BCC1 phase reported in Ref. [25] was likely due to
higher cooling rate; while in the present work the same alloy exhibits a mixture of BCC1 and BCC2
phases, see Table 4. On the contrary in Ref. [25] the NbTaTiZr is referred as brittle, we measured 6.4%
elongation, see Table 3, however, fracture mechanism has changed from transgranular with ductile
dimples to intergranular, see Figure 2. Different interstitials element content may cause the difference
in deformation of nominally same alloy.

In this study we use the same furnace and the same size of ingots in case of all investigated
alloys. Therefore it is solely the effect of Ta + Zr content what affects the stability of the BCC1
phase. The cooling rate was high enough to produce 100% BCC1 microstructure in case of 5 element
HfNbTaTiZr alloy but not in the 4 element alloy NbTaTiZr.

Intensive precipitation at grain boundaries was observed in the brittle TaTiZr alloy, see Figure 4.
This alloy contains highest combined content of Ta + Zr and a low amount of the BCC1 phase.

Similar microstructures were found in Refs. [37,38]. These works investigated the influence of
middle temperature annealing on the 5 element HEA HfNbTaTiZr in deformed and homogenisation
annealed state. Combination of BCC and HCP phases were detected, at specific conditions (longer
annealing temperatures and longer times) Ta rich BCC and Zr rich HCP phase precipitates were
formed. Similarity of the microstructures and phases suggests that these effects have similar origin,
namely Ta+Zr content, partial decomposition of the BCC1 phase to the BCC2 because of relatively high
Ta-Zr mixing enthalpy and resulting miscibility gap.

The 5 element HfNbTaTiZr alloy was studied in Refs. [35,36]. It has lower Ta + Zr content than
NbTaTiZr, Nb0.5TaTiZr1.5 and TaTiZr studied in the present work. Ingots used in Refs. [35,36] were
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smaller compared to that prepared in the present work, thus gaining higher cooling rate. The ingots
were also annealed for homogenization and water quenched, thus metastable BCC1 solid solution
was obtained. However, subsequent mid temperatures annealing caused decomposition of the BCC1
solid solution.

In our study, alloys are destabilized by higher Ta + Zr content and the cooling rate was slower than
in other studies, therefore the BCC1 phase decomposition took place already during cooling. The MC
simulation revealed segregation of Ta in the equilibrium state of the HfNbTaTiZr alloy. This supports
the idea of Ta + Zr destabilizing HEAs also during ageing annealing. Thus single phase BCC1 structure
is metastable in the 5 element HfNbTaTiZr HEA alloy at room temperature and can be preserved after
high temperature annealing by rapid cooling. The role of rapid cooling has been discussed in the
review [1].

The alloys containing the BCC2 phase are free of Hf. An HCP phase was predicted and confirmed
experimentally in Hf containing alloys [35–38]. It means that Hf acts as an element stabilizing
HCP phase.

Further research shall be focused on detail investigations of the BCC2 and BCC3 phases and
intergranular precipitates detected in some alloys. Destabilising effect of Ta + Zr on the BCC phase
stability during manufacturing ingots and ageing annealing shall be verified and utilised in future
research. Stabilising effect of Hf on the HCP phase formation during mid temperature ageing shall be
verified as well. Influence of the cooling rate on phase composition of HEAs shall be investigated, too.

Further investigation of the NbTiZr MEA alloy with promising results shall be performed.
Obtained results can be used in evolution of other variants of the investigated system HfNbTaTiZr,

for example, for reduction of high temperature oxidation [39] or in research of ageing behaviour of
similar RHEAs, especially containing both Ta and Zr.

5. Conclusions

Investigations of mechanical properties and microstructure of different MEAs derived from the
HfNbTaTiZr alloy system has been performed. It has been shown that ductility is significantly reduced
by simultaneous presence of Ta and Zr in the alloy, which leads to reduction of the BCC1 phase content.
These elements segregate during solidifying. Because of the miscibility gap in the Ta-Zr equilibrium
phase diagram two BCC phases are found after cooling to room temperature. Clear correlation between
the BCC1 phase content and the total elongation to failure of the alloy was found. Precipitation of Ta
rich precipitates on grain boundaries reduces the elongation to almost zero values. No correlation was
found between the tensile mechanical properties and microstructure related parameters in investigated
set of alloys. The 5 element HEA alloy exhibits the best combination of strength and elongation.
4 and 3 element MEAs have lower strength to various extent. Some of them are ductile (NbTaTiZr,
NbTaTi, NbTiZr) but some of them are brittle (TaTiZr, Nb1.5TaTiZr0.5, Nb0.5TaTiZr1.5) depending
on microstructure.

Obtained results on microstructure stability and related mechanical properties can be useful also
for long term aging annealing of HEA alloys. The Monte Carlo simulation performed pointed out,
that single solid solution of 5 element HfNbTaTiZr alloy is a metastable state at room temperature.
Stabilizing effect of Hf on the HCP phase formation during mid temperature aging was proposed.
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Abstract: Nowadays refractory high-entropy alloys (RHEAs) are regarded as great candidates for
the replacement of superalloys at high temperature. To design a RHEA, one must understand the
pros and cons of every refractory element. However, the elemental effect on mechanical properties
remains unclear. In this study, the subtraction method was applied on equiatomic HfMoNbTaTiZr
alloys to discover the role of each element, and, thus, HfMoNbTaTiZr, HfNbTaTiZr, HfMoTaTiZr,
HfMoNbTiZr, HfMoNbTaZr, and HfMoNbTaTi were fabricated and analyzed. The microstructure
and mechanical properties of each alloy at the as-cast state were examined. The solid solution phase
formation rule and the solution strengthening effect are also discussed. Finally, the mechanism of
how Mo, Nb, Ta, Ti, and Zr affect the HfMoNbTaTiZr alloys was established after comparing the
properties of these alloys.

Keywords: high-entropy alloys; refractory high-entropy alloys; alloys design; elevated-temperature
yield strength; solid solution strengthening effect

1. Introduction

Refractory elements, including Rhenium (Re), Molybdenum (Mo), Niobium (Nb), Tantalum
(Ta), and Tungsten (W) [1] are very important for improving mechanical properties in advanced
alloys such as Titanium alloys and Nickel-base superalloys. Generally, elements with a melting
point higher than Titanium (Ti), such as Chromium (Cr), Hafnium (Hf), Osmium (Os), Ruthenium
(Ru), Vanadium (V), and Zirconium (Zr) are also classified as refractory elements. In Titanium
alloys, refractory elements, especially Mo and W, are all beta stabilizers and possess a strong solid
solution strengthening characteristic [2]. Nb forms Ni3Nb γ phase in Nickel-base superalloys such
as Inconel 718 [3]. The improved creep resistance of the sixth generation superalloy TMS-238 mainly
results from Re and Ru additions [4]. Refractory alloys also play significant roles in industry. In the
second generation nuclear power plants, the most-used materials for fuel cladding are Zircoloy 2 and
Zircoloy 4. The Niobium alloy C103 is used for the nozzle extension of satellites [5]. Refractory alloys
are also known as having the great potential for elevated-temperature applications because of their
high strength at elevated temperature. According to thermodynamics, thermal efficiency of a turbine
engine could be enhanced by increasing the turbine inlet temperature. However, the melting point of
Nickel-base superalloy limits the application itself above 1200 ◦C. Therefore, it is necessary to develop
new refractory alloys, especially for applications at temperatures higher than 1200 ◦C.

In 2004, Professor Yeh and his group published the concept of high-entropy alloys (HEAs) [6].
He defined high-entropy alloys (HEAs) as having five or more major elements beneath 5–35 at.%,
and minor elements below five at.%. In 2006, he also established four core effects of HEAs [7]:
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High-entropy, severe-lattices-distortion, sluggish-diffusion, and the cocktail effect. With the new
concepts, scientists are able to develop and expand alloys without restrictions [8–12]. Some HEAs have
been found to have attractive properties on diffusion [13], oxidation [14], corrosion [15], fatigue [16],
creep [17], fracture toughness [18], and elevated-temperature strength [19]. High-entropy superalloys
(HESAs) [20], eutectic HEAs (EHEAs) [21], light-weight HEAs (LWHEAs) [22], refractory high-entropy
alloys (RHEAs) [23], etc. have been proposed and attract increased attention. In 2010, Senkov
and Miracle first published RHEAs, MoNbTaW and MoNbTaVW [23,24]. These two alloys possess
body-centered cubic (BCC) structure and have excellent elevated-temperature yield strength which is
around 400 MPa at 1600 ◦C. But their density is much higher, and the room temperature compressive
ductility is very low. In 2012, they published the equiatomic composition of HfNbTaTiZr, which
possesses excellent compressive ductility up to 50%, lower density but poor elevated-temperature
yield strength [25,26]. From then on, there were over 150 papers published concerning RHEAs [19].

There are some researches working on the addition of Al [27,28], Mo [29], Ti [30], V [31], or
Zr [32], but few of them focus on the elevated-temperature mechanical performance and the overall
effect of the constituent elements. To understand the elemental effect on mechanical properties,
equiatomic HfMoNbTaTiZr alloy is firstly designed as a base alloy by adding the high modulus
refractory element Mo to HfNbTaTiZr. Then the subtraction method is used to analyze each elemental
effect in the equiatomic HfMoNbTaTiZr. Thus, in this study, six alloys HfMoNbTaTiZr, HfNbTaTiZr,
HfMoTaTiZr, HfMoNbTiZr, HfMoNbTaZr, and HfMoNbTaTi are investigated and compared on their
microstructure. Further, the compressive properties at room temperature and at elevated temperature
are investigated. By comparing HfMoNbTaTiZr and HfNbTaTiZr, the influence of the addition of
Mo can be understood. Likewise, the influence of the addition of Nb, Ta, Ti, or Zr can be articulated.
In addition, promising compositions were found and further improved design is suggested. The solid
solution phase formation rule and the solid solution strengthening effect will be discussed.

2. Materials and Methods

The experimental Hf-Mo-Nb-Ta-Ti-Zr alloy series was prepared by vacuum-arc melting. The
purity of raw elements including Hf, Mo, Nb, Ta, and Zr was 99.9 wt.%, and that of Ti was 99.99 wt.%.
The melting points of each constituent element used in alloys are shown in Table 1. These pure metals
were stacked together in the sequence of low melting point to high melting point from bottom to top.
The stacked metals were melted together in a water-cool copper mold and solidified therein. The ingot
of each alloy was flipped and re-melted, at least, four times to improve the chemical homogeneity.
The crystal structure of the alloy samples taken from the portion near the copper mold was examined
with the Shimadzu XRD-6000 X-ray diffractometer (SHIMADZU CORPORATION, Kyoto, Japan),
operated at 30 kV and 20 mA with a scanning rate of 4◦/min from 20◦ to 100◦. JEOL JSM-5410 (JEOL
Ltd., Tokyo, Japan) scanning electron microscope (SEM) and JXA-8500F FE-EPMA (JEOL Ltd., Tokyo,
Japan) was used to analyze the samples in backscattering electron (BSE) mode. Energy dispersive
spectrometry (EDS) was also used to confirm the chemical compositions. The cylindrical samples for
the compression test were 3.6 mm in diameter and 6 mm in height. The room temperature compression
tests were conducted with Instron 4468 (INSTRON, Norwood, MA, USA) universal testing machine,
and the high temperature compression tests were performed on Gleeble-3500 (DYNAMIC SYSTEMS
INC, Poestenkill, NY, USA) thermal–mechanical simulator. All tests were examined at the crosshead
speed of 0.36 mm/min, which imposed the strain rate of 10−3 s−1 on the samples.
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Table 1. Results of scanning electron microscope-energy dispersive spectrometry (SEM-EDS) analysis
(at. %). Nominal composition means the designed composition. DR means the dendritic region. ID
means the interdendritic region.

Element Hf Mo Nb Ta Ti Zr

HfMoNbTaTiZr
Nominal 16.7 16.7 16.7 16.7 16.7 16.7

DR 14.3 18.4 19.5 24.4 12.4 10.8
ID 21.1 13.6 12.3 9.9 18.3 24.7

HfNbTaTiZr
Nominal 20.0 - 20.0 20.0 20.0 20.0

DR 18.5 - 22.4 27.4 18.2 13.5
ID 22.6 - 17.5 12.8 20.2 26.9

HfMoTaTiZr
Nominal 20.0 20.0 - 20.0 20.0 20.0

DR 20.6 21.4 - 23.9 18.3 15.7
ID 24.4 16.2 - 11.0 21.2 27.1

HfMoNbTiZr
Nominal 20.0 20.0 20.0 - 20.0 20.0
Overall 20.8 20.6 19.7 - 19.2 19.7

HfMoNbTaZr
Nominal 20.0 20.0 20.0 20.0 - 20.0

DR 18.5 20.8 21.7 24.5 - 14.5
ID 27.0 15.6 13.5 9.9 - 34.0

HfMoNbTaTi
Nominal 20.0 20.0 20.0 20.0 20.0 -

DR 15.5 22.7 19.5 25.7 16.6 -
ID 30.7 16.9 17.6 10.7 24.1 -

3. Results

Figure 1a–f are BSE images of experimental Hf-Mo-Nb-Ta-Ti-Zr alloys. A typical dendritic
structure is observed. Their compositions as obtained from SEM-EDS are shown in Table 1. It is
noted that the dendritic area is rich in Ta and Mo which have the highest two melting points. This is
expected since high melting point elements tend to crystalize first during solidification. By contrast
of dendritic structure is poor in HfMoNbTiZr alloy as observed in the BSE image. This means the
partition between dendrite and interdendrite is small and the coring phenomenon was less obvious.
This is due to the subtraction of the highest melting point element Ta which would solidify first with a
Ta-rich solid solution.

Figure 2 shows the X-Ray diffraction patterns. The main phase of the Hf-Mo-Nb-Ta-Ti-Zr alloy
series is a BCC disordered solid solution. The asymmetry of (200) and (211) peaks are shown in the
diffraction pattern results from the cored dendritic structure. The composition variation of dendritic
and interdendritic areas causes a little difference in the lattice constant. The lattice constants of the
Hf-Mo-Nb-Ta-Ti-Zr alloy series listed in Table 2 are in the range of 3.305 to 3.400 Å calculated by the
Nelson–Riley extrapolation function. Referring to the phase diagrams of each binary alloy between
Hf, Mo, Nb, Ta, Ti, and Zr, Hf-Mo, and Mo-Zr binary alloys form Mo2Hf and Mo2Zr, respectively,
in a certain range of composition even at high temperature. However, these two intermetallic
compounds or others do not show up in Hf-Mo-Nb-Ta-Ti-Zr alloys, which means the high entropy
effect has a significant benefit in forming simple BCC solid solution in this alloy system especially at
high temperature.
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(e) (f) 

Figure 1. Backscattering electron (BSE) images of (a) HfMoNbTaTiZr, (b) HfNbTaTiZr, (c) HfMoTaTiZr,
(d) HfMoNbTiZr, (e) HfMoNbTaZr, and (f) HfMoNbTaTi. All the alloys show the dendritic structure
except HfMoNbTiZr.

Figure 2. X-ray diffraction patterns of Hf-Mo-Nb-Ta-Ti-Zr alloy series.
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Table 2. The lattice constants (Å) of the Hf-Mo-Nb-Ta-Ti-Zr alloy series. Cal. means the value calculated
from Vegard’s Law. Exp. means the value calculated by Nelson–Riley extrapolation function based on
X-ray diffraction pattern.

HfMoNb
TaTiZr

HfNbTa
TiZr

HfMoTa
TiZr

HfMoNb
TiZr

HfMoNb
TaZr

HfMoNb
TaTi

Cal. 3.361 3.404 3.373 3.373 3.378 3.317
Exp. 3.345 3.400 3.364 3.369 3.347 3.305

Figure 3 shows the compression test results of Hf-Mo-Nb-Ta-Ti-Zr alloy series. At room
temperature, the yield strength of HfMoNbTaTiZr alloy was 1512 MPa, and ultimate strength was
1828 MPa when the strain was 11%. The compression tests for HfMoNbTaTiZr alloy were also
conducted at 800 ◦C, 1000 ◦C, and 1200 ◦C, respectively. At 800 ◦C, the yield strength of HfMoNbTaTiZr
alloy was 1007 MPa and ultimate strength was 1489 MPa when the strain was 19%, which shows
obvious work hardening. At 1000 ◦C and 1200 ◦C, the results of yield strength were 814 MPa and
556 MPa, respectively, but the strength kept decreasing from the yield point to the end of the test,
showing the work softening behavior. No crack was observed at 1000 ◦C and 1200 ◦C.

 
(a) (b) 

 
(c) (d) 

 
(e) 

Figure 3. Engineer compressive stress–strain curve of (a) HfMoNbTaTiZr, (b) HfMoTaTiZr,
(c) HfMoNbTiZr, (d) HfMoNbTaZr, and (e) HfMoNbTaTi.
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When an element is removed from HfMoNbTaTiZr, the behavior is changed. The subtraction
of Nb gives HfMoTaTiZr alloy. At room temperature, the yield strength of HfMoTaTiZr alloy was
1600 MPa, and the ultimate strength was 1743 MPa when the strain was 3%. At 800 ◦C, the yield
strength was 1045 MPa, and the ultimate strength was 1446 MPa when the strain was 23%. As for the
HfMoNbTaTiZr alloy, the stress–strain curve of HfMoTaTiZr alloy shows obvious work hardening
effect. The results of yield strength were 855 MPa and 404 MPa at 1000 ◦C and 1200 ◦C, respectively.
The strength kept decreasing from the yield point to the end of the test. No crack was observed at
1000 ◦C and 1200 ◦C.

The subtraction of Ta from HfMoNbTaTiZr gives HfMoNbTiZr. At room temperature, the
yield strength of alloy was 1351 MPa, and the ultimate strength was 1698 MPa when the strain
was 17%. This alloy performs with better toughness than HfMoNbTaTiZr and HfMoTaTiZr does at
room temperature. At 800 ◦C, the yield strength was 829 MPa and the ultimate strength was 1244 MPa
when the strain was 18%. At 1000 ◦C, yield strength was 721 MPa, and the strength kept decreasing
when the strain increased. At 1200 ◦C, the yield strength was 301 MPa. The strength of the alloy was
almost constant after the yield point to the end of the test. The strain softening effect was balanced by
the strengthening effect.

Ti was removed in sequence. At room temperature, the yield strength of HfMoNbTaZr alloy was
1524 MPa, and the ultimate compress strength was 1963 MPa when the strain was 13.5%. At 800 ◦C,
the compressive yield strength was 1005 MPa, and the ultimate strength was 1991 MPa when the strain
was 24%. As with HfMoNbTaTiZr, there is an obvious work hardening effect shown at 800 ◦C in the
stress–strain diagram. The yield strength was 927 MPa at 1000 ◦C. There was still a work hardening
effect at the beginning of the test. The ultimate strength was 1336 MPa when the strain was 11%, but
the strength decreased drastically to 464 MPa at the end of the test. At 1200 ◦C, the yield strength was
694 MPa, but the strength decreased to 289 MPa when the test stopped at 30% strain. At 1400 ◦C, the
yield strength was 278 MPa, and the strength barely decreased during the test. Except for 800 ◦C, no
fracture was observed during the test at elevated temperatures.

Finally, Zr was removed. At room temperature, the yield strength of HfMoNbTaTi alloy was
1369 MPa, and the ultimate compress strength was 2094 MPa when the strain was 25%. The yield
strength at 800 ◦C was 822 MPa, and the ultimate strength was 1998 MPa when the strain was 29%.
An obvious work hardening effect can be observed in the stress–strain curve. At 1000 ◦C, the yield
strength was 778 MPa, and there was still work hardening effect at the beginning of the test until the
ultimate strength 1454 MPa, at 27.5% strain. The results of yield strength were 699 MPa and 367 MPa
at 1200 ◦C and 1400 ◦C, respectively. Both stress–strain diagrams show a steady decrease in strength
after yield points. No fracture was observed at 1000 ◦C, 1200 ◦C, and 1400 ◦C.

The Tables 3 and 4 summarize the results of compressive tests. Comparing the performance at
room temperature, HfMoTaTiZr alloy has the best yield strength 1600 MPa; HfMoNbTaTi has the
highest 27% fracture strain; comprehensively, HfMoNbTaTi has the best mechanical properties (yield
strength 1369 MPa and 27% fracture strain). The fracture strain increases from 4% for the HfMoTaTiZr
alloy to 12% for HfMoNbTaTiZr. The presence of Ta can increase the yield strength but decrease
the toughness. Ti seems to have no significant influence on strength, but it has a negative effect
on toughness. Zr increases the strength; however, it strongly deteriorates the toughness at room
temperature, because the fracture strain decreases from 27% for the HfMoNbTaTi alloy to 12% for
HfMoNbTaTiZr. The presence of Mo, which has the highest shear modulus, increases the yield strength
at room temperature from 929 MPa to 1512 MPa significantly. Nevertheless, the toughness decreases
tremendously, fracture strain declines from > 50% to 12%. However, the presence of Nb decreases the
yield strength only slightly from room temperature to 1000 ◦C and increases the yield strength by 38%
at 1200 ◦C, but largely improves the room temperature fracture strain. This indicates that more Nb
could be added for higher ductility.
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Table 3. The room temperature compressive yield strength and fracture strain of the Hf-Mo-Nb-Ta-Ti-Zr
alloy series.

HfMoNb
TaTiZr

HfNbTa
TiZr [25]

HfMoTa
TiZr

HfMoNb
TiZr

HfMoNb
TaZr

HfMoNb
TaTi

Yield strength (MPa) 1512 929 1600 1351 1524 1369
Fracture strain (%) 12 > 50 4 20 16 27

Table 4. The elevated temperature compressive yield strength (MPa) of the Hf-Mo-Nb-Ta-Ti-Zr
alloy series.

Temperature (◦C)
HfMoNb

TaTiZr
HfNbTa
TiZr [25]

HfMoTa
TiZr

HfMoNb
TiZr

HfMoNb
TaZr

HfMoNb
TaTi

800 1007 535 1045 829 1005 822
1000 814 295 855 721 927 778
1200 556 92 404 301 694 699
1400 N. A. N. A. N. A. N. A. 278 367

The melting point of the elements in the alloy affects the strength performance at elevated
temperature. For instance, at 1200 ◦C, HfMoTaTiZr alloy and HfMoNbTiZr alloy which have lower
melting-point elements (Ta, Mo, Nb) have less strength; HfMoNbTaZr alloy and HfMoNbTaTi alloy
which have higher melting-point elements (Ti, Zr) have better strength. Moreover, all the alloys with
Mo present have much better strength than HfNbTaTiZr does. Therefore, Mo makes a significant
contribution to strength at elevated temperature.

The elevated temperature yield strength versus temperature of Hf-Mo-Nb-Ta-Ti-Zr alloys is
shown in Figure 4a. Except at 800 ◦C, the strength of the above mentioned Hf-Mo-Nb-Ta-Ti-Zr
alloys is better than the commercial nickel base superalloys, CMSX-4 and Inconel 718. Additionally,
Hf-Mo-Nb-Ta-Ti-Zr alloys also have better resistance to softening at elevated temperature. Figure 4b
is the specific strength of Hf-Mo-Nb-Ta-Ti-Zr alloys, HfNbTaTiZr alloy, CMSX-4, and Inconel 718
at different temperatures. Below 900 ◦C, CMSX-4 and Inconel 718 perform better; at 1000 ◦C,
Hf-Mo-Nb-Ta-Ti-Zr alloys, except for HfNbTaTiZr, are better than CMSX-4 and Inconel 718. At
temperatures above 1200 ◦C, HfMoNbTaTi alloy has the highest specific strength.

Comprehensively speaking, Hf-Mo-Nb-Ta-Ti-Zr alloys have a potential application at
elevated temperature.

 
(a) (b) 

Figure 4. (a) Elevated temperature yield strength and (b) elevated temperature specific yield strength
versus temperature between Hf-Mo-Nb-Ta-Ti-Zr alloy series, CMSC-4, and Inconel 718 [3]. The elevated
temperature yield strength of HfNbTaTiZr is from Reference [26].
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4. Discussion

4.1. Phase Formation Rule

The solid solution phase formation rules were checked with the microstructure and crystal
structure of the alloys in this study. First are the criterion based on thermodynamic parameters and
atomic size parameter [33,34]. The thermodynamic parameters are mixing entropy ΔSmix, mixing
enthalpy ΔHmix, and Ω, respectively:

ΔSmix = −∑ ciln ci (1)

ΔHmix = ∑ 4ΔHijcicj, i �= j (2)

Ω =
TmΔSmix
ΔHmix

(3)

where R is the gas constant, ci is the atomic percentage of the element i, cj is the atomic percentage
of the element j, ΔHij is the enthalpy of the binary liquid state of elements i and j at an equiatomic
composition from the Miedema’s model [35,36], and Tm is the melting point of the alloy defined by
rule of mixing:

Tm = ∑ ciTm,i (4)

where Tm,i is the melting point of the element i. The atomic size parameter is atomic size difference δ:

δ =

√
∑ ci(1 − ri

r
)

2
(5)

where ri is the atomic radius of element i. r is the average radius of the alloy defined by rule of mixing.

r =∑ ciri (6)

The second criterion determining crystal type is related to electronic parameters, valence
electron concentration VEC [37], and the third criterion determining Laves phase is related to Allen
electronegativity difference ΔχAllen [38]:

VEC =∑ ciVECi (7)

ΔχAllen =

√
ci(1 −

χAllen
i
χ

)

2

(8)

where VECi is the valence electron concentration of the element i [39], χAllen
i is the electronegativity of

the element i from Allen et al. [40], and χ is the average electronegativity of the alloy defined by rule
of mixing:

χ = ∑ ciχ
Allen
i (9)

The ranges in the three criterions for predicting the phases and crystal structure of HEAs are
(1) Disorder solid solution phase forms when Ω >1.1 and δ < 6.6% [34]; (2) face-centered cubic (FCC)
is stable when VEC > 8, and BCC is stable when VEC < 6.87 [37]; and (3) Laves phase forms when
ΔχAllen > 7% and δ > 5% in HEAs [41]. All the criterions mentioned above are established through
statistical approach, so there is still some error especially in the boundary condition. The properties
of pure elements Hf, Mo, Nb, Ta, Ti, and Zr are listed in Table 5. The BCC atomic radii of Hf, Ti, and
Zr are Goldschmidt radii since all the alloys are a BCC structure. All the parameters of six alloys
are calculated and listed in Table 6. From Table 5, one can observe Hf and Zr possess the largest
atomic radius and smallest electronegativity, and Mo possesses the smallest atomic radius and biggest
electronegativity. Furthermore, from the experiment results, all the alloys at the as-cast state form
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a single BCC disorder solid solution phase and no Laves phase is observed. This indicates that the
formation of a single solid solution phase is consistent with criteria (1) and (2) but not consistent with
criterion (3). Base on criterion (3), Laves phase might form in all the alloys except HfNbTaTiZr which
is at the margin. It is necessary to check the criterion for Laves phase formation because Mo2Hf or
Mo2Zr might form according to the Hf-Mo or Mo-Zr binary phase diagram. The result shows that
criterion 3 is not fulfilled in the present alloy series. The minimum value 7% seems to be lower. One can
observe that the Ω parameter values of these alloys are much higher than 1.1 and the VEC values are
significantly lower than 6.87. This demonstrates that the high entropy effect is significant in enhancing
the formation of a solid solution when mixing enthalpy and strain energy is small.

Table 5. Various data of the properties of Hf, Mo, Nb, Ta, Ti, and Zr. HCP means
hexagonal close-packing.

ΔHij (kJ/mol) Hf Mo Nb Ta Ti Zr

Hf - −4 4 3 0 0
Mo −4 - −6 −5 −4 −6
Nb 4 −6 - 0 2 4
Ta 3 −5 0 - 1 3
Ti 0 −4 2 1 - 0
Zr 0 −6 4 3 0 -

ri (nm) 0.159 (HCP)
0.155 (BCC) 0.136 0.143 0.143 0.147 (HCP)

0.142 (BCC)
0.162 (HCP)
0.157 (BCC)

Tm,i (K) 2506 2896 2750 3290 1941 2128
χAllen

i 1.16 1.47 1.41 1.34 1.38 1.32
VECi 4 6 5 5 4 4

G (GPa) 30 120 38 69 44 33

Table 6. The values of thermodynamics, atomic size, and electronic parameters of the
Hf-Mo-Nb-Ta-Ti-Zr alloy serious.

HfMoNb
TaTiZr

HfNbTa
TiZr

HfMoTa
TiZr

HfMoNb
TiZr

HfMoNb
TaZr

HfMoNb
TaTi

ΔHmix (kJ) −0.9 2.7 −1.9 −1.6 −1.1 −1.4
ΔSmix (J) 14.9 13.4 13.4 13.4 13.4 13.4
Tm (K) 2585.2 2523.0 2552.2 2444.2 2714.0 2676.6

Ω 43.3 12.4 17.8 20.4 32.4 24.9
δ 6.3% 5.5% 6.7% 6.7% 6.9% 5.4%

VEC 4.7 4.4 4.6 4.6 4.8 4.8
ΔχAllen 7.2% 6.6% 7.6% 7.8% 7.8% 7.8%

4.2. Solution Hardening Mechanism

The solid solution strengthening effect is calculated to examine the yield strength of the alloys in
this study. From the experiment results, all the alloys possess a single phase of BCC disorder solid
solution. It is valuable to use the yield strength of the alloys to check the solution strengthening
mechanism. The solution strengthening mechanism of HEAs was proposed by Senkov et al. and then
modified by Yao et al. [25,42]. The solution strengthening value Δσi contributed by element i is:

Δσi = AGfi4/3ci
2/3 (10)

where A is a material-dependent dimensionless constant of the order of 0.04, G is the shear modulus of
the alloy, and fi is the mismatch parameter of element i related to shear modulus and atomic size:

fi =
√

δG,i
2+ α2δr,i

2 (11)
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where δG,i and δr,i are the modulus mismatch parameter and atomic radius mismatch parameter,
respectively as Equations (12) and (13). The value of α depends on the type of dislocation. For mixed
dislocation, the value is designated to be nine.

δG,i =
9
8 ∑ cjδG,ij (12)

δr,i =
9
8 ∑ cjδr,ij (13)

where δG,ij and δa,ij are the differences between elements i and j in shear modulus and atomic radius,
respectively as Equations (14) and (15). Nine is the number of atoms in the i-centered cluster in the
BCC lattice, eight is the number of atoms neighboring with the center atom i.

δG,ij =
2(Gi − Gj)

(Gi + Gj)
(14)

δr,ij =
2(ri − rj)

(ri + rj)
(15)

where Gi and Gj are the shear modulus of element i and j, respectively, and rj is the atomic radius
of element j. Eventually, the solution strengthening Δσ contributed by all the alloying elements is
obtained by summation of Δσi. The calculated yield stress σc is the summation of the yield stress, σm,
by rule of mixing and Δσ.

Δσ = (∑ (Δσi)
3/2)2/3 (16)

σc = σm + Δσ (17)

As the shear modulus of the HfMoNbTaTiZr alloy system is still lacking, we reasonably use the
rule of mixing to calculate it since the modulus relates to the interatomic potential energy well:

Gm = ∑ ciGi (18)

The calculated results are listed in Table 7 and compared in Figure 5. One can observe that the σm

of all the alloys is small and almost the same. In addition, the trends of Δσ and σc are consistent with
σ0.2. This means that high yield strength of this alloy series all comes from solution strengthening effect
despite there being some deviation, about 30%, between calculated values and experimental values.
It is interesting to note that Mo, with the smallest atomic radius and the largest shear modulus, interacts
frequently with other elements, thus, the HfNbTaTiZr alloy possesses the smallest yield stress without
the addition of Mo. Ti, having the average atomic radius and the average shear modulus, interacts
slightly with other elements, and, thus, HfMoNbTaZr alloy possess the largest Δσ without the addition
of Ti. As for the deviation between σc and σ0.2, it might be due to the overestimated shear modulus.
Young’s modulus of HfNbTaTiZr is 81 GPa reported by Juan et al. [43], and, thus, the shear modulus
can be calculated to be 31 GPa. This value is obviously smaller than the average shear modulus 43 GPa
of HfNbTaTiZr. This implies that all the average shear moduli might be overestimated. If we calculated
the shear modulus from the experimental σ0.2, by assumption that σc equals to σ0.2, the result is shown
in the Gcal column of Table 7. From the figure, the trend of calculated shear modulus Gcal is consistent
with the trend of average shear modulus although significantly smaller than Gm by ~30%. One can
observe that the calculated shear modulus of HfNbTaTiZr 32 GPa is in a good agreement with the
literature [43]. This indicates that severe lattice distortion in HEAs has a strong solution hardening
effect, but Young’s modulus was effectively lower. This is reasonable and could be related to its effect
on lattice constant [11]. In the alloy series, NiCo, NiCoFe, NiCoFeCr, and NiCoFeCrMn, the lattice
constant of real crystal structure has more deviation from that predicted by Vegard’s law. The increased
lattice constants as compared with ideal average lattice constant indicates that lattice distortion has
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the effect to expand the lattice. Thus, the interatomic bonding strength is effectively lower and the
shear modulus is simultaneously lower. However, in the present alloy series, the calculated lattice
constants based on Vegard’s law are larger than the experimental lattice constants measured from
X-ray diffraction patterns as listed in Table 2, especially with the addition of Mo. This is because Mo
has a strong interaction with other elements to reduce the bond length according to ΔHij in Table 5.
Al has the same effect and is reported in Reference [27]. However, there needs to be more research in
the future to confirm the reasons for the reduced shear modulus.

Table 7. Comparisons of Gm, Δσ, σm, σc, σ0.2, and Gcal of the present alloy series.

Gm (GPa) Δσ (MPa) σm (MPa) σc (MPa) σ0.2 (MPa) Gcal (GPa)

HfMoNbTaTiZr 55 1669 260 1929 1512 41
HfNbTaTiZr 43 938 225 1163 929 [26] 32
HfMoTaTiZr 60 1918 264 2182 1600 41
HfMoNbTiZr 53 1683 278 1961 1351 33

HfMoNbTaZr 58 1948 273 2221 1524 37
HfMoNbTaTi 60 1610 256 1866 1369 41

 
(a) (b) 

Figure 5. The trend of Hf-Mo-Nb-Ta-Ti-Zr alloy series: (a) Δσ, σm, σc, and σ0.2, and (b) Gm and Gcal.

5. Conclusions

The equiatomic HfMoNbTaTiZr alloy was chosen to analyze the effect of each constituent
elemental by the subtraction method and, thus, HfMoNbTaTiZr, HfNbTaTiZr, HfMoTaTiZr,
HfMoNbTiZr, HfMoNbTaZr, and HfMoNbTaTi were studied. Among these alloys, HfMoNbTaTi
has the best mechanical performance, that is, 27% compressive strain at room temperature and yield
strength 367 MPa at 1400 ◦C. HfMoNbTaTi has great potential for elevated-temperature applications.
As the alloy system does not contain very expensive elements such as Re and Ru, it is cost competitive
for high-temperature applications like Nb-Hf-Ti alloys in space vehicles. Further modification of
composition and/or anti-oxidation coatings are still required for high-temperature applications in
the air.

According to the experiment results, the effects of Mo, Nb, Ta, Ti, and Zr on mechanical properties
of equiatomic Hf-Mo-Nb-Ta-Ti-Zr alloys were described. For higher room-temperature strength,
one should add an element which interacts frequently with the alloy, such as Mo. For higher
elevated-temperature strength, one should add the elements which possess high melting points,
such as Mo, Nb, or Ta. One should add more Nb for higher ductility. With Ti or Zr addition, the
elevated-temperature strength and the density decreases. All these elemental effects could also be
applied to all other RHEAs systems, but more research is required to confirm this premise.

The solid solution phase formation rule and the solid solution strengthening effect of RHEAs have
been discussed. The high entropy effect of the present alloys is significant in enhancing the formation
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of a solid solution. The shear modulus of RHEAs is smaller than that predicted from mixture rule by
about 30%. This reduction is attributable to severe lattice distortion.
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Abstract: The microstructure, Vickers hardness, and compressive properties of novel low-activation
VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1) high-entropy alloys (HEAs) were studied. The alloys
were fabricated by vacuum-arc melting and the characteristics of these alloys were explored.
The microstructures of all the alloys exhibited a typical morphology of dendritic and eutectic
structures. The VCrFeTa0.1W0.1 and VCrFeTa0.2W0.2 alloys are essentially single phase, consisting
of a disordered body-centered-cubic (BCC) phase, whereas the VCrFeTa0.2W0.2 alloy contains fine,
nanoscale precipitates distributed in the BCC matrix. The lattice parameters and compositions of the
identified phases were investigated. The alloys have Vickers hardness values ranging from 546 HV0.2

to 1135 HV0.2 with the x ranging from 0.1 to 1, respectively. The VCrFeTa0.1W0.1 and VCrFeTa0.2W0.2

alloys exhibit compressive yield strengths of 1341 MPa and 1742 MPa, with compressive plastic
strains of 42.2% and 35.7%, respectively. VCrFeTa0.1W0.1 and VCrFeTa0.2W0.2 alloys have excellent
hardness after annealing for 25 h at 600–1000 ◦C, and presented compressive yield strength exceeding
1000 MPa with excellent heat-softening resistance at 600–800 ◦C. By applying the HEA criteria, Ta
and W additions into the VCrFeTaW are proposed as a family of candidate materials for fusion
reactors and high-temperature structural applications.

Keywords: low-activation high-entropy alloys (HEAs); high-temperature structural alloys;
microstructures; compressive properties; heat-softening resistance

1. Introduction

With the rapid development of human civilization, the demand for energy is increasing and the
fossil fuel sources are running out. As nuclear energy produces more energy with less pollution, in the
long run, nuclear energy will be the next major energy source after fossil fuels, such as coal and oil,
to meets human needs [1–3]. However, with fast-growing nuclear power technology, people have
higher requirements for the reliability and safety of the nuclear-power [4,5]. The structural materials
for new commercial fusion nuclear reactors operate in a harsh environment that is high temperature
and chemically reactive, and experiences time-varying stress and intense neutron radiation [4,6], while
required to be environmentally-friendly (reduced activation properties). This has motivated worldwide
research and development (R&D) on advanced nuclear power systems. Therefore, the exploitation of
novel and advanced materials that meet the requirements of these severe conditions will be a key issue
for the development of new commercial reactors in the future [4].
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Reduced activation or low-activation materials means that the main source of radioactivity after
neutron irradiation is short- or medium-lived radioactive elements [7]. The challenge is managing
the radioactive waste after shutting down the reactor, and fusion will lose its advantage of being a
cleaner energy. Hence, it is important to choose specific materials for the reliable operation of these
reactors [8]. The reduced activation ferritic/martensitic (RAFM) steels [9–11], such as Eurofer 97,
China low activation martensitic (CLAM), and F82H, are considered to be the original candidate
blanket structural materials and/or first wall for future fusion-power devices due to their excellent
thermophysical properties, high thermomechanical capabilities, low-activation property, and resistance
to neutron irradiation. RAFM steels have been developed using modified (8–12)CrMoVNb type ferritic
martensitic steels by replacing Nb, Mo, and Ni with W, Mn, and Ta to achieve the low activation
properties [1,7]. However, the operating temperature limit of RAFM steels is currently about 550 ◦C,
which limits the overall thermodynamic efficiency of the power plant [12]. In order to widen the
operating temperature window for fusion reactors, several alternative advanced materials options
are being pursued. These alternatives include oxide-dispersion-strengthened (ODS) ferritic steels [5],
vanadium alloys, and silicon carbide fiber-reinforced silicon carbide matrix composites [13,14]. Existing
materials struggle to meet the requirements of fusion reactors operating in extreme environments,
such as higher temperatures and stronger neutron irradiation [13,15–17]. Therefore, the first task
for the development of fusion energy is to develop high-performance materials. According to the
requirements of fusion reactors for short- or medium-lived radioactive materials and existing alloys,
such as RAFM steels, ODS steels, and vanadium alloys, we summarize the low activation elements
and high activation elements in Table 1.

Table 1. Low activation elements and high activation elements.

Low activation element Fe Ti Cr V Ta Zr W Mn Si Al B C N O
High activation element Nb Ni Co Cu Mo

High-entropy alloys (HEAs) are new materials developed in the field of metals in the past
decade [18–20]. The term HEAs signifies unconventional alloy systems composed of at least four
principal elements, and the atomic percent of each composed element is between 5 at. % (atomic
percent) and 35 at. %, which benefits the formation of single-phase solid-solution on the simple
underlying face-centered-cubic (FCC), body-centered-cubic (BCC), and hexagonal-close-packing (HCP)
structures compared with intermetallics [19,21,22]. HEAs are strongly contrasted with conventional
alloys, which are usually based on one or two major elements, and the addition of trace amounts
of alloying elements mostly leads to the formation of new phases [4,23]. HEAs can have high
hardness [24–27], great creep resistance [28,29], good irradiation resistance [4,6,16,30], good structural
stability [28,31–34], and excellent high-temperature strength [28,31,35]. These advantages make HEAs
specifically suitable for high-temperature [13] and irradiation applications [14,30]. Zhang et al. [15]
reported that AlxCoCrFeNi (x = 0.1, 0.75, and 1.5) shows great phase stability and swelling resistance
under heavy ion irradiation at room temperature to high displacement per atom (dpa). They thought
that this trend is due to the severe lattice distortion and sluggish diffusion, which are unique to HEAs.
MoNbHfZrTi [36] shows a high compressive yield strength of 1719 MPa and 1575 MPa in as-cast
and as-homogenized states at room temperature, respectively. This alloy has high compressive yield
strength at elevated temperatures (825 MPa at 800 ◦C and 187 MPa at 1200 ◦C) and shows a drop in
flow stress after yielding.

The study of HEAs has expanded from the central region to the surroundings of the phase
diagram, which means that the research is changing from examining equiatomic single-phase
solid-solution alloys to non-equimolar multi-phase solid-solution alloys [9,22,37,38]. According to
the concept of HEAs, the reduced activation elements of Fe, Cr, V, W, and Ta were chosen to form
several non-equimolar and an equiatomic TaWFeCrV HEAs. However, W is a candidate element
for plasma-oriented components in commercial energy-fusion reactors, as it can increase strength
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and reduce the brittle transition temperature [3,39–41]. Cr reinforces the corrosion resistance of
the alloys [5,42,43]. V and Ta can improve creep properties, reduce grain size, and enhance the
toughness and strength of the alloys [44,45]. Fe has excellent ductility [46] and is inexpensive. In this
study, the V–Cr–Fe–Ta–W alloys were prepared by vacuum-arc melting. Their alloying behaviors,
microstructures, and mechanical properties were investigated in detail.

2. Experimental Procedures

Alloy ingots with the nominal composition of VCrFeTaxWx (x: molar ratio; x = 0.1, 0.2, 0.3, 0.4,
and 1 denoted by T0.1, T0.2, T0.3, T0.4, and T1, respectively) were prepared by vacuum arc melting
with high purity elements (the purity of each elements was better than 99.9 wt. %) in a Ti-gettered
high-purity argon atmosphere. The nominal chemical compositions of the obtained five alloys are
listed in Table 2. These ingots were re-melted at least 5 times in order to achieve compositional
homogeneity, and each sample weight was around 50 g. The produced alloys were annealed at 800 ◦C
for 25 h in a high-purity argon furnace and cooled down in water.

Table 2. Nominal compositions of experimental alloys (Nominal compositions, at. %).

Alloy Identification Fe Cr V Ta W

VCrFeTa0.1W0.1 T0.1 31.2 31.2 31.2 3.2 3.2
VCrFeTa0.2W0.2 T0.2 29.4 29.3 29.3 6 6
VCrFeTa0.3W0.3 T0.3 27.8 27.7 27.7 8.4 8.4
VCrFeTa0.4W0.4 T0.4 26 26 26 11 11

VCrFeTaW T1 20 20 20 20 20

The analyzed samples were cut from the middle part of the as-cast alloys to attain flat surfaces
for the microstructure study. The exposed surfaces were subsequently ground and polished with the
standard polishing process. The crystal structures of as-cast and annealed samples were identified by
X-ray diffraction (XRD) (Bruker D8, Karlsruhe, Germany.) with Cu Kα radiation generated at 40 kV and
40 mA and with the scanning angles (2θ) ranging from 30◦ to 100◦ at a step of 0.0102◦ and 10 s dwell
time per step. A scanning electron microscope (SEM) (ZEISS SUPRA 55, Jena, Germany.) was used
for microstructural analyses, and experimental compositions were analyzed by the energy-dispersive
spectroscopy (EDS) (ZEISS SUPRA 55, Jena, Germany.).

Mechanical properties were studied in terms of compression and micro-hardness in air at room
temperature. The cylindrical test specimens with a diameter of 3 mm and height of 6 mm were cut
from the middle of the ingots for compressive tests, which were performed on a computer-controlled
electronic universal testing machine. The high-temperature compressive performances were studied
on a Gleeble machine. The heating rate was set to 20 ◦C/s, and the holding time was five minutes, then
air cooled. The initial strain rate for all compressive tests was 10−3 s−1. The Vickers micro-hardness
tests were carried out with a load of 200 g and a 15 s dwelling time with at least 12 tested points for each
test specimen. SEM was used to observe the fracture surfaces of the samples after compressive tests.

3. Results

3.1. Structural Characterization

The XRD patterns of as-cast alloys are shown in Figure 1. Only one BCC1 crystal structure (the Fe-,
Cr-, and V-rich phase) had lattice parameters of 0.2935 nm and 0.2937 nm, which were identified
in T0.1 and T0.2 alloys in the as-cast state according to Bragg’s law, respectively. With the increase
in Ta and W content, the structures became rather complex. Both BCC1 and BCC2 (W-rich phase)
solid-solution structures, together with Laves (Fe2Ta-type) phases, were found in these alloys. When
the molar ratio of Ta and W increased to 0.3, BCC2 appeared with a lattice parameter of 0.3174 nm.
The lattice parameter of the BCC1 phase was 0.2947 nm with a peak width much wider than those of
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the T0.1 and T0.2 alloys. However, there was a weaker peak of the Laves phase around 47◦. The phase
composition of T0.4 is similar to T0.3, with the only difference in the strength. The peak (110) for BCC1
is broader than that of the T0.3, and the peak intensity is weaker. The peak of BCC2 phase with the
lattice parameter of 0.3178 nm is stronger, both in the peak width and intensity compared with T0.3.
Despite this trend, T0.4 is mainly composed of BCC1 with a lattice parameter of 0.2963 nm. When the
alloy reaches an equimolar ratio, VCrFeTaW, which is denoted T1, is composed of two BCC phases
with lattice parameters of 0.2962 nm for BCC1 and 0.3166 nm for BCC2.

Figure 1. X-ray diffraction (XRD) patterns of the as-cast VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1) alloys.

Comparing the X-ray diffraction parameters of each sample, the lattice parameter of BCC1 first
rises and then falls, as shown in Figure 1. When the contents of Ta and W reached 0.4 molar, the lattice
constants of BCC1 and BCC2 were the largest. The lattice-constant changing trend of BCC2 is similar
to that of BCC1. The difference is that the decreasing degree of BCC2 is greater than BCC1. It can be
seen from the XRD pattern that the Laves phase has obvious diffraction peaks when x reaches 0.4.
The intensity of the diffraction peak of BCC1 decreased significantly but still dominated. The phase
composition and lattice constant of each alloy are listed in Table 3. We explain this phenomenon in two
ways. Considering the atomic radius, the atomic radii of Ta and W are 1.48 Å and 1.41 Å, respectively,
which are larger than the atomic radii of other elements (Fe: 1.24 Å, Cr: 1.25 Å, and V: 1.32 Å). When
the contents of Ta and W were less than 0.4, they could be dissolved in the solid solution of BCC1 to a
certain degree. Since the atomic radii of Ta and W are larger than those of other elements, the lattice
distortion of the solid-solution matrix, BCC1, and the lattice constant of BCC1 increased, which
inevitably appeared. Thereby, the solid-solution lattice-strain energy increased. When the content of
Ta exceeds 0.4, the solid solubility of the Ta element in the solid-solution matrix of BCC1 has reached
saturation. The addition of excess Ta induces the precipitation of the Laves phase. The precipitate of
the second phase mitigates the lattice distortion of the solid-solution matrix to a certain extent. Hence,
the lattice strain energy of the solid solution is released. An interesting phenomenon can be seen from
the XRD pattern: when x is 1, the peak of the Laves phase is not enhanced by the previous analysis,
but is slightly weakened. This feature may be related to the phase of BCC2, which is rich in W.
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Table 3. Phase compositions of the VCrFeTaxWx alloy system and lattice constants of the
solid-solution phase.

Alloy Phase Composition Lattice Constant (nm)

VCrFeTa0.1W0.1 BCC1 0.2935
VCrFeTa0.2W0.2 BCC1 0.2937

VCrFeTa0.3W0.3
BCC1 0.2947
BCC2 0.3174

VCrFeTa0.4W0.4

BCC1 0.2963
BCC2 0.3178
Laves -

VCrFeTaW
BCC1 0.2962
BCC2 0.3166
Laves -

When x increased from 0.3 to 0.4, due to the precipitated Laves phase, the lattice constant of BCC2
significantly increased. When x increased to 1, the lattice constant of W drastically reduced, which
may be related to the fact that W is a dominant phase, and elements, such as Fe, Cr, and V, having a
small atomic radius, are dissolved in W.

3.2. Microstructures and Chemical Compositions

The microstructures of the as-cast and as-polished VCrFeTaxWx samples captured using SEM
exhibited multiple phases. Figure 2 presents the microstructures of the samples. All the alloys exhibited
a typical cast dendrite (DR) structure. The EDS component analyses of the alloys are provided in Table 4.
W and V were mainly present in the DR regions, Fe and Ta were concentrated in the inter-dendritic
(IR) regions, whereas Cr was more evenly distributed. The distribution of elements could mainly be
explained by the mixing enthalpy between elements and the difference in melting points. During the
solidification of the alloys, W and V, with higher melting points, first solidified to form DR. The mixing
enthalpy (Table 5) between Ta and Fe, −15 KJ/mol, which is the minimum for the selected alloy system,
indicates that Ta and Fe combined together more easily than other elemental pairs in the process of
solidification due to their great intermetallic compounding ability. Due to the low melting point of Fe,
Fe and Ta formed in IR after the formation of DR. Ta and Fe formed a Laves phase in the solid-solution
matrix composed of W and V. The microstructures of the alloy system will be described in detail later.
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Figure 2. Scanning electron microscope (SEM) backscatter electron images of the as-cast
alloys. (a,b) VCrFeTa0.1W0.1; (c,d) VCrFeTa0.2W0.2; (e,f) VCrFeTa0.3W0.3; (g,h) VCrFeTa0.4W0.4;
and (i,j) VCrFeTaW.
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Table 4. Chemical compositions in different regions of various alloys by energy-dispersive spectroscopy
(EDS) (at. %).

Alloy Region V Cr Fe Ta W

VCrFeTa0.1W0.1

Overall 33.29 ± 0.29 30.94 ± 0.17 30.75 ± 0.22 2.54 ± 0.27 2.47 ± 0.02
IR White 19.66 ± 0.30 22.26 ± 0.35 37.57 ± 0.52 20.51 ± 0.79 /
DR Gray 35.98 ± 0.30 33.32 ± 0.35 24.80 ± 0.52 2.20 ± 0.24 3.70 ± 0.40

VCrFeTa0.2W0.2

Overall 31.15 ± 0.21 29.97 ± 0.31 28.58 ± 0.40 5.01 ± 0.59 5.29 ± 0.08
IR White 15.98 ± 0.18 23.30 ± 0.21 38.75 ± 0.32 21.96 ± 0.49 /
DR Gray 35.57 ± 0.21 33.72 ± 0.19 21.95 ± 0.21 2.76 ± 0.31 6 ± 0.07
DR Black 32.41 ± 0.18 26.72 ± 0.16 39.49 ± 0.24 1.39 ± 0.11 /

VCrFeTa0.3W0.3

Overall 30.27 ± 0.20 28.54 ± 0.19 28.52 ± 0.52 6.21 ± 0.37 6.36 ± 0.04
IR White 10.33 ± 0.25 22.54 ± 0.62 42.89 ± 0.61 24.24 ± 0.14 /
DR Gray 24.75 ± 0.28 31.51 ± 0.59 31.36 ± 0.60 / 12.38 ± 0.10
DR Black 44.96 ± 0.36 23.82 ± 0.54 25.74 ± 0.65 5.48 ± 0.07 /

VCrFeTa0.4W0.4

Overall 27.54 ± 0.20 27.57 ± 0.21 27.19 ± 0.26 9.09 ± 0.43 8.62 ± 0.07
IR White 15.19 ± 0.28 23.59 ± 0.66 36.01 ± 0.63 25.20 ± 0.15 /
DR Gray 28.49 ± 0.54 26.94 ± 0.66 25.51 ± 0.62 / 19.06 ± 0.13
DR Black 28.88 ± 0.28 28.43 ± 0.52 36.17 ± 0.60 / 6.52 ± 0.07

VCrFeTaW

Overall 22.12 ± 0.34 18.99 ± 0.71 20.99 ± 0.65 19.00 ± 0.82 18.90 ± 0.76
DR White 13.08 ± 0.50 7.76 ± 0.59 / / 79.16 ± 0.39
IR Gray 14.64 ± 0.30 22.23 ± 0.41 30.96 ± 0.63 32.22 ± 0.18 /
IR Black 39.21 ± 0.60 25.32 ± 0.69 35.48 ± 0.76 / /

Table 5. The formation enthalpies between elements (KJ/mol).

Fe Cr V Ta W

Fe - −1 −7 −15 0
Cr - - −2 −7 1
V - - - −1 −1
Ta - - - - −7
W - - - - -

Figure 2a–d correspond to the microstructures of the T0.1 and T0.2 alloys. From these figures,
we found that there is a small amount of the second phase in the white regions in the figures, which is
the Laves phase according to the EDS results. The volume fraction of the Laves phase is lower than the
XRD detection limit, as no obvious Laves phase peak was observed in the XRD pattern, as presented in
Figure 1. It can be seen from the figures that they exhibit a similar DR microstructure. The IR structure
of the Laves phase combined with the primary BCC1 phase in the DR region formed eutectic structures
and is composed of a network-like appearance. We found that the DR size of T0.2 is less than T0.1,
indicating that the addition of Ta and W can effectively reduce the size of the DR crystal grains, which
is consistent with the width of the diffraction peak of T0.2, which is wider than T0.1 in the XRD pattern.
The eutectic structure regions of the T0.2 alloy are significantly larger than those of the T0.1 alloy.
The plate-like Laves phase thickens with increasing Ta content, meaning that the volume fraction of
the Laves phase is increasing with the Ta content. This trend is consistent with the appearance of a less
pronounced Laves phase around 36◦ on the XRD curve of T0.2 (Figure 1). From the magnified view of
T0.2 in Figure 2b, there is a black area in the middle of the gray and white regions. Based on the EDS
results, we found that the area is enriched by V and Fe, which was the BCC1 solid solution. On the
gray DR, there are many fine precipitate particles, which is consistent with the increase in the BCC1
lattice constant.

When the content of Ta and W reached 0.3, the microstructure of the alloy still exhibited a typical
DR structure (Figure 2e,f). Combined with the EDS results, the DR structure is formed by gray regions
of solid-solution phases and precipitated particles of the Laves phase. The Laves phase in the IR
region, with the BCC1 primary phase of the black regions in the V-rich area, formed a eutectic structure.
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The Laves-phase volume fraction increased significantly, which is consistent with the XRD results
(Figure 1).

For the microstructure of the T0.4 alloy, shown in Figure 2g,h, the Laves phase volume fraction
increased relative to T0.1, T0.2, and T0.3 alloys shown in Figure 2a–c, respectively. The Laves phases
grew into a bar-like shape distributed in the matrix (Figure 2h). Combined with XRD and EDS
results, the DR regions consist of a gray W-rich area of BCC2 and a black Fe–Cr–V-rich area of BCC1.
The eutectic structure formed by the precipitated Laves peak of the IR structure and the primary BCC1.
The distortion of the matrix was released, and the lattice constant of BCC1 reached the maximum
owing to the complete precipitation of the Laves phase, which was also observed for BCC2.

The T1 alloy in Figure 2i,j had a similar appearance to T0.4, and the microstructure was a typical
DR crystal structure. The white region of DR is distinctly fishbone-like shaped and is enriched in
W, whereas a portion of V is a solid dissolved in the W matrix. Due to the smaller atomic radius of
the V solid solution in the W matrix, the lattice constant of W decreased, which is consistent with
the XRD pattern in Figure 1. The IR structure presents a hypereutectic structure, and the primary
phase is not the BCC1 in the black regions, but the Laves phase in the gray regions, whereas, in the
highlighted region, Laves and BCC1 phases are present in eutectic structure. These trends indicate
that the additions of Ta and W not only influence the phase composition of the alloy system, but also
change the microstructure of the alloy system. The addition of Ta promoted regular changes in the
microstructures of the BCC1 alloy system, and the transition from the hypoeutectic structure (x = 0.4)
to hypereutectic structures (x = 1) occurred.

3.3. Mechanical Properties

3.3.1. Mechanical Properties at Room Temperature

Figure 3a shows a histogram of the microhardness of the alloys at room temperature and the
average microhardness values are listed in Table 6. It can be seen from Figure 3a that the microhardness
of the alloy system increases linearly with the increase in the Ta and W contents, from 564 HV0.2 of
T0.1 to 1135 HV0.2 for the equimolar alloy, T1. The hardness enhanced with increasing x due to: (1) the
Laves phase belongs to the intermetallic compound, and the hardness is high and (2) the addition of
Ta and W caused the lattice distortion of the alloy matrix to increase continuously, and the hardness of
the alloy also improved. The relationship between Ta and W content, x, and microhardness (yHV) is
fitted in Figure 3b, which can be expressed as yHV = 553.1 + 609.2x, where y is the microhardness of
the alloy. The linear correlation coefficient, R, is 0.942, meaning that relationship is linear.

Table 6. Mechanical properties of the as-cast VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1) alloys.

Alloy Vickers Hardness (HV0.2) σ0.2 (MPa) σbc (MPa) εp (%)

VCrFeTa0.1W0.1 564 1341 2917 42.2 (Not broken)
VCrFeTa0.2W0.2 673 1742 3265 35.7 (Not broken)
VCrFeTa0.3W0.3 726 / 701 /
VCrFeTa0.4W0.4 886 1580 1767 /

VCrFeTaW 1135 / 1501 /

σ0.2: yield strength; σbc: ultimate compressive strength; and εp: plastic-strain limit.
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Figure 3. (a) Hardness histogram and standard deviation of the as-cast VCrFeTaxWx (x = 0.1, 0.2, 0.3,
0.4, and 1) alloys at room temperature; (b) The hardness curve of the as-cast VCrFeTaxWx (x = 0.1, 0.2,
0.3, 0.4, and 1) alloys as a function of the Ta and W content, and hardness test process.

The compressive engineering stress-strain curves are shown in Figure 4, and the compressive
properties, such as yield strength σ0.2, fracture strength σbc, and plastic strain limit εp, are summarized
in Table 6. Evidentially, the Ta and W content had a very pronounced effect on the compressive behavior
of the alloys. It can be seen that the T0.1 and T0.2 alloys showed excellent compressive properties,
with yield strength, fracture strength, and plastic strain values in T0.1 and T0.2 of 1341 MPa, 2917 MPa,
and 42.2%; and 1742 MPa, 3265 MPa, and 35.7%, respectively. Compared with the compressive
properties of T0.1 and T0.2, both the yield strength and fracture strength increased, which is a trade-off
with plastic strain. This trend is mainly due to the presence of a large amount of dispersed fine
precipitates in the T0.2 alloy and an increase in the lattice distortion, resulting in an increase in the
strength of the alloy. The plastic strain decreased due to the increase in the volume fraction of the
second phase. It can be seen that the compressive properties substantially decrease with the Ta and W
content changing from 0.3 to 1 mainly because of the increase in the volume fraction and size of the
Laves phase as the Ta content increases. The compressive performance of T0.3 is worse than T0.4 and
T1, probably due to the precipitated particles growing in the matrix.
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Figure 4. The compressive stress-strain curves of the as-cast VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1)
alloys at room temperature with a diameter of 3 mm.

The fracture-surface morphologies of the as-cast alloys after compressive tests at room temperature
are depicted in Figure 5. Figure 5a,b show the side sections of T0.1 and T0.2 alloys, respectively. It can be
seen from the figures that the alloys are not crushed, and the macroscopic appearance are waist-drum
shaped. The picture of the T0.1 alloy in Figure 5a shows that the fracture surface presents severe plastic
deformation, indicating its superior room-temperature plasticity and exhibiting a certain plasticity
fracture. In Figure 5b, the T0.2 alloy exhibits a fracture angle of nearly 45◦, and approximately parallel
sliding steps of unevenness can be observed in the fracture profile. The fracture surface of the T0.3
alloy is shown in Figure 5c, which has a distinct cleavage step due to the cleavage fracture. T0.4 and
T1 alloys have similar fracture patterns, and the fracture surfaces are relatively flat, demonstrating
obvious tear and river patterns, which are typical quasi-cleavage fractures, in Figure 5d,e, respectively.
This trend is consistent with the compressive strength of T0.4 and T1 being better than T0.3.
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Figure 5. SEM micrographs of the fracture surfaces of VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1) alloys
at room temperature: (a) VCrFeTa0.1W0.1; (b) VCrFeTa0.2W0.2; (c) VCrFeTa0.3W0.3; (d) VCrFeTa0.4W0.4;
and (e) VCrFeTaW.

3.3.2. Mechanical Properties at High-Temperature

Since T0.1 and T0.2 alloys exhibit excellent room-temperature strength, we also examined their
high-temperature properties. Annealing at 600 ◦C, 800 ◦C, and 1000 ◦C for 25 h did not cause alloy
softening. The hardness of the annealed T0.1 alloys are 605 HV0.2/ 600 ◦C and 621 HV0.2/800 ◦C,
and T0.2 alloys are 721 HV0.2/600 ◦C and 762 HV0.2/800 ◦C, respectively, obviously higher than those
of as-cast alloys presented in Table 7, indicating that the T0.1 and T0.2 alloys have the great softening
resistance. Table 7 and Figure 6 show the compressive engineering stress-strain curves of T0.1 and T0.2
alloys from room temperature to 1000 ◦C. The strength increased and the ductility decreased with the
yield strength at 600 ◦C. The strength decreased and the ductility increased at 800 ◦C. At 1000 ◦C,
the strength of T0.1 and T0.2 alloys dropped significantly, indicating a certain degree of softening,
which is also reflected in the hardness at this temperature listed in Table 7. Surprisingly, the yield
strength, fracture strength, and plastic strain at 800 ◦C for T0.1 and T0.2 are 1019 MPa, 1289 MPa,
and 50% and 1033 MPa, 1260 MPa, and 40.6%, respectively.
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Table 7. Mechanical properties of T0.1 and T0.2 alloys at 600–1000 ◦C.

Alloy
Temperature

(◦C)
σ0.2(MPa)

σbc

MPa
εp

(%)
Vickers

Hardness (HV0.2)

VCrFeTa0.1W0.1 600 1234 2158 28.1 605
800 1019 1289 > 50 621

1000 371 421 > 50 538
VCrFeTa0.2W0.2 600 1657 2316 22.6 721

800 1033 1260 40.6 762
1000 182 253 > 50 665

Note: σ0.2: yield strength, σbc: ultimate compressive strength, and εp: plastic-strain limit.

 
Figure 6. The compressive stress-strain curves of (a) VCrFeTa0.1W0.1 and (b) VCrFeTa0.2W0.2 alloys at
different temperatures with a diameter of 3 mm.
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4. Discussion

4.1. Phase Selection

From the results, the phase structures of the VCrFeTaxWx HEAs are not as simple as presented in
the XRD patterns in Figure 1. The various criteria were analyzed in order to further understand the
phase formation of the alloy in this system.

Studies have shown that HEAs are prone to form solid solutions with an FCC structure or
a BCC [19,21,47]. Hume-Rothery rules [21,48,49] govern the criteria for the formation of solid
solutions in the binary alloy system, which include the crystal structure factor, atomic-size factor,
valence-electron-concentration factor, and chemical electronegativity factor. As a special kind of the
solid-solution alloy, HEAs have many components, complicating distinguishing solutes or solvents.
Hence, it is difficult to study them using traditional methods [22,50]. Recent investigations extended
the Hume-Rothery rules for explaining the criteria for the formation of the solid-solution structure in
the HEA area with the aid of empirical relationships.

Zhang et al. [48,51] proposed three parameters affecting the formation of the HEA solid-solution
phase: atomic-size difference (delta, δ), mixing enthalpy (ΔHmix), and mixing entropy (ΔSmix),
to predict the phase formation in HEAs, amorphous metallic glasses, and intermetallic compounds.
These calculation methods are detailed as follows:

ΔHmix =
n

∑
i=1,i �=j

Ωijcicj

Ωij = 4ΔHmix
AB

ΔSmix = klnw = −R
n

∑
i=1

(ci ln cj)

δ =
√

∑n
i=1 ci(ri − r)2

r = ∑n
i=1 ciri

where n is the number of the involved elements in an alloy, ΔHmix
AB is the mixing of the enthalpy of

binary equiatomic AB alloys, Ωij is the regular melt-inter-action parameter between the i-th and j-th
elements, R is the gas constant, ci and ri are the atomic percentage and atomic radius of the i-th element,
respectively, and r is the average atomic radius. They concluded that solid solutions tend to form
in the region delineated by δ > 6.6%, −15 KJ/mol ≤ ΔHmix ≤ 5 KJ/mol, and 11 J/(K·mol) ≤ ΔSmix

≤16.5 J/(K·mol).
To be better understand the criteria of HEAs, a new parameter Ω [21,51] was proposed to correlate

the relative contribution of the change in ΔHmix and ΔSmix, expressed as:

Ω =
TmΔSmix

|ΔHmix|

Tm =
n

∑
i=1

ci(Tm)i

where (Tm)i is the melting temperature of the i-th component. By analyzing the phase formation using
the parameters, Ω and δ, of various reported multicomponent alloys, new parameters for forming
solid-solution phases in HEAs were suggested [48]: Ω ≥ 1.1 and δ ≤ 6.6%.

HEAs often form solid solutions of an FCC or BCC phase, and the above criteria can effectively
predict whether the alloy can form a solid-solution structure, but it is impossible to predict whether
the solid-solution structure of the alloy is an FCC or BCC phase. Guo et al. [52] proposed the
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relationship between the valence-electron concentration (VEC) and solid-solution stability. The VEC in
a multi-component system is:

VEC = ∑n
i=1 ci(VEC)i

where (VEC)i is the VEC of the i-th element. From published experimental results [37,52], the limitation
that they suggested were: FCC phases occur at VEC ≥ 8.0, BCC phases at VEC < 6.87, and a mixture of
FCC and BCC phases at 6.87 ≤ VEC < 8.

For the VCrFeTaxWx alloys in the present work, we studied the phase-formation rules according
to the above parameters. The specific results are shown in Table 8. It can be seen from the table that as
the contents of Ta and W increase, the δ of the alloy system grows from 3.59% to 5.41%, as plotted in
Figure 7a. This indicates that the degree of the lattice distortion caused by the atomic arrangement is
increasing, which is consistent with the lattice constants of the two phases when x is between 0.1 and
0.4 (the lattice constant decreases in the case of the equimolar HEA, which is related to the Laves phase
being the primary phase, and V is distributed into a solid-solution with W). Despite the change in δ and
ΔHmix with the increase in the Ta and W content, their values meet the requirement for forming solid
solutions, as plotted in Figure 7a,b, indicating that the mixing entropy effect of the alloy is stronger than
that of the mixing enthalpy. The tendency of the alloy to form solid-solutions is improved, indicating
that the effect of the mixing of entropy on the solid solution formation strengthens. The VEC in the
studied alloys is shown in Figure 7c. With increasing Ta and W addition, the value of VEC decreased
from 6.28 to 6, which meets the BCC-forming requirement (6.87 ≤ VEC < 8), demonstrating that the
BCC phase is stable in the VCrFeTaxWx alloy system.

Figure 7. (a) The curves of δ, Ω, and ΔSmix as a function of the Ta and W content for VCrFeTaxWx

(x = 0.1, 0.2, 0.3, 0.4, and 1) alloys; (b) The relationship between parameters δ and ΔHmix for the as-cast
VCrFeTaxWx; (c) The relationship between the valence-electron concentration (VEC), and Ta and
W content of VCrFeTaxWx alloys; (d) The relationship between the parameters δ and Ω, for the
as-cast VCrFeTaxWx. (SS: Solid-Solutions; I: Intermetallics compound; SS + I: Solid-Solutions +
Intermetallics compound).
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Table 8. ΔHmix, ΔSmix, Ω, δ, valence-electron concentration (VEC), the theoretical density, and the
melting points for VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1) alloys.

Alloy δ
ΔHmix

(KJ/mol)
ΔSmix

(J/mol·K)
Ω VEC

ρtheor

(g/cm3)
Tm (K)

VCrFeTa0.1W0.1 3.59 –4.83 10.87 4.83 6.28 7.85 2147.7
VCrFeTa0.2W0.2 4.17 –5.15 11.75 5.08 6.23 8.58 2227.3
VCrFeTa0.3W0.3 4.55 –5.41 12.32 5.23 6.19 9.19 2297.0
VCrFeTa0.4W0.4 4.82 –5.63 12.70 5.32 6.16 9.72 2360.1

VCrFeTaW 5.41 –6.4 13.38 5.47 6 11.81 2631.8

With the increase in the Ta and W content, although both ΔSmix and Ω (≥ 1.1) increased (Figure 7a),
from Figure 7d, T0.3, T0.4, and T1 HEAs are in the SS + I (SS: Solid-solution, I: Intermetallics compound)
region. The mixing of the enthalpy promotes the formation of intermetallic compounds, whereas the
Ta–Fe binary system has the most negative mixing of enthalpy (−15 kJ/mol) listed in Table 5, indicating
that the bonding force between these two elements is the strongest. The Fe2Ta phase formation occurs,
which is consistent with the XRD patterns in Figure 1.

4.2. Ta and W Effects at Room Temperature

The microstructure analysis of the VCrFeTaxWx alloys with different Ta and W contents,
performed in the current research, revealed several features. First, an increase in the Ta and W content
substantially decreased the BCC1 matrix phase of the alloys (Figure 1). Conversely, the volume fraction
of BCC2 and Laves phases increase. Second, an addition of Ta and W resulted in the formation of
intermetallic phases, namely the Laves phase of Fe2Ta-type. The Laves phase can be associated with a
highly negative-enthalpy of the intermetallic-phases formation [19,37] (Table 6). Third, with increasing
Ta and W contents, the change of precipitation was the most obvious and most significant phenomenon.
When x = 0.1, the Laves precipitation phase has a lamellate shape and forms an eutectic structure with
the matrix. When x = 0.2, the Laves-precipitation phase is thicker, and still forms an eutectic structure
with the matrix, and fine particles, most of which are the Laves phase precipitated on the matrix. When
x = 0.3–1, the precipitation phase gradually aggregates and grows. These results indicate that the
addition of Ta and W not only changes the phase composition of the alloy system, but also varies the
microstructure of the alloy system. However, the addition of Ta promoted the regular Laves phase
microstructure change of the BCC1 alloy system, and a transition from the hypoeutectic structure
(x ≤ 0.4) to hypereutectic structure (x = 1) occurred. This indicates that Ta can promote the eutectic
transformation of the Fe–Cr–V alloy system.

The Ta and W contents have a prominent effect on the mechanical properties of the VCrFeTaxWx

alloys, as expected given the pronounced changes in the microstructure. With the addition of Ta and
W, the hardness of the alloy increases linearly, while the plasticity and strength of the studied alloys
exhibited a complex dependence. In the HEA solid-solution phase, various atoms randomly occupy
the lattice position of the crystal. Each atom is surrounded by other kinds of atoms, and all atoms
can be regarded as solute atoms or solvent atoms [37,53]. In addition, the types of atoms vary in
size, causing severe lattice distortion in the solid solution, which in turn leads to high solid-solution
strengthening [46,54,55], thereby increasing the strength and hardness of the alloy, especially the
HEAs of the BCC structure [24,56–58]. Conversely, W obviously promotes the formation of BCC2,
and Ta prefers forming Laves phases. The mixing enthalpy between Ta and Fe is −15 kJ/mol (Table 5),
which is the lowest for the VCrFeTaxWx system, meaning that Ta and Fe combine together quite
easily compared with the other element pairs during solidification owing to their great compatibility.
The hardness values of the VCrFeTaxWx alloys increase with increasing x. As the content of Ta and W
increased, the yield strength increased from T0.1 to T0.2. However, in the VCrFeTaxWx (x = 0.3, 0.4,
and 1) alloys, the yield strength deteriorated quickly with an increase in x (Figure 4). This phenomenon
can be associated with a large volume fraction of Laves phases, and the size of Laves particles increases
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with the change in x. Notably, the strengthening contribution of the precipitation particles to the BCC
phase alloys was prominent, which has been previously studied [59]. In the present study, the fine
second phase particles of the Laves phase even had a positive effect on the strength, as the T0.2 alloy
has an excellent yield strength and plasticity.

As engineering materials, the yield strength of HEAs is an important parameter for the design of
a component. The dependence of the room-temperature compressive yield strength of the reported
HEAs [13,24,29,56–72] and the studied alloys in the present work are plotted in Figure 8. The T0.1
and T0.2 HEAs possess relatively-high yield strength, whereas they all exhibit excellent compressive
strains. T0.1 and T0.2 have a yield strength of 1341 MPa and 1742 MPa with plastic strains of 42.2% and
35.7%, respectively. They exhibit excellent plasticity, as they could not be broken in the compressive
tests. The refractory HEAs reported in papers exhibit high yield strength, while their plastic strains
are lower than 15%; or the reported refractory HEAs show remarkable plastic strains more than 50%,
while their yield strengths are not remarkable. If we set the coordinates of the alloys in Figure 8 at
(10%, 1600 MPa), only the T0.2 alloy is in the first quadrant. Therefore, we concluded that the BCC
HEAs developed so far still have insufficient compressive strain at room temperature, or exhibit low
strength. It is noteworthy that T0.2 studied in the current work not only possesses a compressive strain
up to 35.7%, but also has a yield strength as high as 1742 MPa. In other words, T0.2 may have excellent
ductility, which makes this kind of HEA better than other HEAs for engineering applications. More
significantly, the T0.2 alloy, as a low-activation HEA, has obvious performance advantages over the
previously-reported low-activation alloys, indicating that it has potential as a candidate material for
fusion reactors.

Figure 8. The map of compressive yield strength and ductility combinations of various refractory
high-entropy alloys [13,24,29,56–72] at room temperature. Initial strain rates range from 10−4 to
10−3 s−1.

4.3. Heat-Softening Resistance

Typically, annealing leads to alloy softening due to the rapid diffusion of atoms, resulting in
internal stress relaxation caused by alloy defects at high temperatures [28,29]. However, due to the
high mixing entropy and the obvious sluggish diffusion effect, HEAs have good high-temperature
stability and great resistance to high temperature softening [28,35,37]. According to the Gibbs free
energy formula, with the increase in temperature, the effect of entropy is more obvious than that of
enthalpy [21]. The high mixing-entropy increases the solid solubility of the alloy, which is conducive
to the formation of the solid-solution structure. Because of the sluggish diffusion effect, the alloy easily
forms a supersaturated solid solution and a fine precipitated phase. Annealing at elevated temperatures
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can partially release the internal stress and dissolve atoms. For the studied alloys in the present work,
the increase in hardness after annealing from 600 ◦C to 800 ◦C is due to solid-solution strengthening.
Although the microhardness of the T0.1 and T0.2 alloys decreased at 1000 ◦C, the reduction was not
large compared to the hardness values at room temperature. For traditional alloys, tempering after
quenching tends to result in significant softening. However, HEAs have significant advantages in
this regard. HEAs, such as NbMoTaW [56], NbMoTaWV [56], and AlNbTiV [68], with a typical BCC
structure have been reported to show that, although the alloys have poor compressive strains at room
temperature, the plasticity of the alloys increases as the temperature rises. As shown in Figure 9,
from room temperature to 800 ◦C, the yield strength of the T0.1 and T0.2 alloys are significantly higher
than those of superalloys, such as Inconel 718 and Haynes 230. Although the strength of MoNbHfZrTi
is higher than those of the T0.1 and T0.2 alloys at room temperature, its compression plasticity is only
10.1%, far lower than the T0.1 and T0.2 alloys. However, the strengths of T0.1 and T0.2 alloys exceed
the reported high-entropy alloys include MoNbHfZrTi at 600–800 ◦C [36,68]. Thereby, the HEAs
exhibit excellent resistance to high-temperature softening. As an alternative alloy for future fusion
reactors with the low activation, the target alloys in the present work have certain advantages at high
temperatures compared to CLAM, ODS, and V–4Cr–4Ti, as presented in Figure 9.

Figure 9. Temperature dependence of the compressive yield strength of superalloys [37], reported
HEAs [36,68], and low activation alloys [13].

5. Summary

Novel low-activation HEAs VCrFeTaxWx (x = 0.1, 0.2, 0.3, 0.4, and 1) were fabricated by vacuum
arc melting, and their microstructure and mechanical properties were studied in the present work.
The investigated alloys exhibited a relatively simple microstructure and promising properties. Based
on the obtained results and discussions, our conclusions are as follows:

(1) The microstructures of all investigated alloys exhibited a typical dendritic and eutectic
structure, with VCrFeTa0.1W0.1 and VCrFeTa0.2W0.2 presenting a mainly BCC1 (a VCrFe-rich region)
solid solution and Laves phases (an Fe2Ta-type). VCrFeTa0.3W0.3, VCrFeTa0.4W0.4, and VCrFeTaW
contain BCC1 and BCC2 (W-rich region) solid solutions and Laves phases.
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(2) The Vickers hardness of the alloys increased with increasing Ta and W contents. The hardness
values of VCrFeTa0.1W0.1, VCrFeTa0.2W0.2, VCrFeTa0.3W0.3, VCrFeTa0.4W0.4, and VCrFeTaW are
546 HV0.2, 673 HV0.2, 726 HV0.2, 886 HV0.2, and 1135 HV0.2, respectively. This feature is attributed to
the solid-solution strengthening and the increased amount of Laves and BCC2 phases.

(3) The augmented Ta and W contents increased the compressive strength but decreased the
plastic strain of T0.1 and T0.2 alloys. The T0.1 and T0.2 alloys exhibited compressive yield strengths
of 1341 MPa and 1742 MPa, with plastic strains of 42.2% and 35.7%, respectively. The solid-solution
strengthening of the BCC matrix and the formation of hard Laves phases precipitated in particles are
two main factors contributing to alloy strengthening. With the addition of Ta and W, the compressive
performance deteriorated sharply due to the increase in the volume fraction and the growth of the
Laves phase.

(4) By applying the atomic ratios strategy and the criteria for disordered solid solutions, the alloy
system of VCrFeTa0.1W0.1, VCrFeTa0.2W0.2, VCrFeTa0.3W0.3, VCrFeTa0.4W0.4, and VCrFeTaW fully met
the VEC, δ-Ω, and δ-�Hmix criteria. Studies have shown that HEAs maintain stable phase structures
and properties after high-temperature annealing. This means that the design of high-temperature
structural materials using the HEA concept could promote the development of these alloys for
use in extreme high-temperature extreme such as blades, engines, aerospace, fusion reactors and
other applications.

(5) The high-temperature mechanical properties of T0.1 and T0.2 alloys were examined. After
annealing 25 h at 600–1000 ◦C, the T0.1 and T0.2 alloys maintained high hardness. The compressive
yield strengths of the T0.1 and T0.2 alloys are promising with heat-softening resistance at 600–800 ◦C.
The yield strengths of T0.1 and T0.2 alloys were much higher than 1000 MPa at 800 ◦C. This
study provides guidance for further development of the current concepts to produce refractory
high-temperature structural materials, which are candidate alloys for fusion reactors.
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Mediukh, N.R.; Pogrebnjak, A.D.; Beresnev, V.M.; et al. A new type of (TiZrNbTaHf)N/MoN nanocomposite
coating: Microstructure and properties depending on energy of incident ions. Compos. B Eng. 2018, 146,
132–144. [CrossRef]

28. Zou, Y.; Ma, H.; Spolenak, R. Ultrastrong ductile and stable high-entropy alloys at small scales. Nat. Commun.
2015, 6, 7748. [CrossRef]

29. Schuh, B.; Völker, B.; Maier-Kiener, V.; Todt, J.; Li, J.; Hohenwarter, A. Phase decomposition of a single-phase
AlTiVNb high-entropy alloy after severe plastic deformation and annealing. Adv. Eng. Mater. 2017, 19,
1600674. [CrossRef]

30. Kumar, N.A.P.K.; Li, C.; Leonard, K.J.; Bei, H.; Zinkle, S.J. Microstructural stability and mechanical behavior
of fenimncr high entropy alloy under ion irradiation. Acta Mater. 2016, 113, 230–244. [CrossRef]

601



Entropy 2018, 20, 951

31. Zou, Y.; Wheeler, J.M.; Ma, H.; Okle, P.; Spolenak, R. Nanocrystalline high-entropy alloys: A new paradigm
in high-temperature strength and stability. Nano Lett. 2017, 17, 1569–1574. [CrossRef]

32. Feng, X.; Zhang, J.; Xia, Z.; Fu, W.; Wu, K.; Liu, G.; Sun, J. Stable nanocrystalline nbmotaw high entropy alloy
thin films with excellent mechanical and electrical properties. Mater. Lett. 2018, 210, 84–87. [CrossRef]

33. Sathiyamoorthi, P.; Basu, J.; Kashyap, S.; Pradeep, K.; Kottada, R.S. Thermal stability and grain boundary
strengthening in ultrafine-grained cocrfeni high entropy alloy composite. Mater. Des. 2017, 134, 426–433.
[CrossRef]

34. Zhang, C.; Zhang, F.; Diao, H.Y.; Gao, M.C.; Tang, Z.; Poplawsky, J.D.; Liaw, P.K. Understanding phase
stability of Al-Co-Cr-Fe-Ni high entropy alloys. Mater. Des. 2016, 109, 425–433. [CrossRef]

35. Rao, J.C.; Diao, H.Y.; Ocelík, V.; Vainchtein, D.; Zhang, C.; Kuo, C.; Tang, Z.; Guo, W.; Poplawsky, J.D.; Zhou, Y.
Secondary phases in AlxCoCrFeNi high-entropy alloys: An in-situ tem heating study and thermodynamic
appraisal. Acta Mater. 2017, 131, 206–220. [CrossRef]

36. Guo, N.N.; Wang, L.; Luo, L.S.; Li, X.Z.; Su, Y.Q.; Guo, J.J.; Fu, H.Z. Microstructure and mechanical properties
of refractory MoNbHfZrTi high-entropy alloy. Mater. Des. 2015, 81, 87–94. [CrossRef]

37. Miracle, D.B.; Senkov, O.N. A critical review of high entropy alloys and related concepts. Acta Mater. 2017,
122, 448–511. [CrossRef]

38. Xing, Q.; Ma, J.; Wang, C.; Zhang, Y. High-throughput screening solar-thermal conversion films in a
pseudobinary (Cr, Fe, V)–(Ta, W) system. ACS Comb. Sci. 2018, 20, 602–610. [CrossRef]

39. Hasegawa, A.; Fukuda, M.; Yabuuchi, K.; Nogami, S. Neutron irradiation effects on the microstructural
development of tungsten and tungsten alloys. J. Nuclear Mater. 2016, 471, 175–183. [CrossRef]

40. Waseem, O.A.; Lee, J.; Lee, H.M.; Ryu, H.J. The effect of ti on the sintering and mechanical properties of
refractory high-entropy alloy TixWTaVCr fabricated via spark plasma sintering for fusion plasma-facing
materials. Mater. Chem. Phys. 2018, 210, 87–94. [CrossRef]

41. Rieth, M.; Dudarev, S.; De Vicente, S.G.; Aktaa, J.; Ahlgren, T.; Antusch, S.; Armstrong, D.; Balden, M.;
Baluc, N.; Barthe, M.-F. Recent progress in research on tungsten materials for nuclear fusion applications in
europe. J. Nuclear Mater. 2013, 432, 482–500. [CrossRef]

42. Xiao, D.H.; Zhou, P.F.; Wu, W.Q.; Diao, H.Y.; Gao, M.C.; Song, M.; Liaw, P.K. Microstructure, mechanical and
corrosion behaviors of AlCoCuFeNi-(Cr,Ti) high entropy alloys. Mater. Des. 2017, 116, 438–447. [CrossRef]

43. Shon, Y.; Joshi, S.S.; Katakam, S.; Shanker Rajamure, R.; Dahotre, N.B. Laser additive synthesis of high
entropy alloy coating on aluminum: Corrosion behavior. Mater. Lett. 2015, 142, 122–125. [CrossRef]

44. Dong, Y.; Zhou, K.Y.; Lu, Y.P.; Gao, X.X.; Wang, T.M.; Li, T.J. Effect of vanadium addition on the microstructure
and properties of AlCoCrFeNi high entropy alloy. Mater. Des. 2014, 57, 67–72. [CrossRef]

45. Salishchev, G.A.; Tikhonovsky, M.A.; Shaysultanov, D.G.; Stepanov, N.D.; Kuznetsov, A.V.; Kolodiy, I.V.;
Tortika, A.S.; Senkov, O.N. Effect of Mn and V on structure and mechanical properties of high-entropy alloys
based on CoCrFeNi system. J. Alloys Compd. 2014, 591, 11–21. [CrossRef]

46. Li, Z.M.; Pradeep, K.G.; Deng, Y.; Raabe, D.; Tasan, C.C. Metastable high-entropy dual-phase alloys overcome
the strength–ductility trade-off. Nature 2016, 534, 227–230. [CrossRef]

47. Diao, H.Y.; Feng, R.; Dahmen, K.A.; Liaw, P.K. Fundamental deformation behavior in high-entropy alloys:
An overview. Curr. Opin. Solid State Mater. Sci. 2017, 21, 252–266. [CrossRef]

48. Zhang, Y.; Zhou, Y.J.; Lin, J.P.; Chen, G.L.; Liaw, P.K. Solid-solution phase formation rules for
multi-component alloys. Adv. Eng. Mater. 2008, 10, 534–538. [CrossRef]

49. Pickering, E.J.; Jones, N.G. High-entropy alloys: A critical assessment of their founding principles and future
prospects. Int. Mater. Rev. 2016, 61, 183–202. [CrossRef]

50. Lu, Z.P.; Wang, H.; Chen, M.W.; Baker, I.; Yeh, J.W.; Liu, C.T.; Nieh, T.G. An assessment on the future
development of high-entropy alloys: Summary from a recent workshop. Intermetallics 2015, 66, 67–76.
[CrossRef]

51. Yang, X.; Zhang, Y. Prediction of high-entropy stabilized solid-solution in multi-component alloys.
Mater. Chem. Phys. 2012, 132, 233–238. [CrossRef]

52. Guo, S.; Ng, C.; Lu, J.; Liu, C. Effect of valence electron concentration on stability of fcc or bcc phase in high
entropy alloys. J. Appl. Phys. 2011, 109, 103505. [CrossRef]

53. Zhang, F.; Wu, Y.; Lou, H.B.; Zeng, Z.D.; Prakapenka, V.B.; Greenberg, E.; Ren, Y.; Yan, J.Y.; Okasinski, J.S.;
Liu, X.J. Polymorphism in a high-entropy alloy. Nat. Commun. 2017, 8, 15687. [CrossRef]

602



Entropy 2018, 20, 951

54. Maiti, S.; Steurer, W. Structural-disorder and its effect on mechanical properties in single-phase TaNbHfZr
high-entropy alloy. Acta Mater. 2016, 106, 87–97. [CrossRef]

55. Huang, H.; Wu, Y.; He, J.; Wang, H.; Liu, X.; An, K.; Wu, W.; Lu, Z. Phase-transformation ductilization of
brittle high-entropy alloys via metastability engineering. Adv. Mater. 2017, 29, 1701678. [CrossRef]

56. Senkov, O.N.; Wilks, G.B.; Scott, J.M.; Miracle, D.B. Mechanical properties of Nb25Mo25Ta25W25 and
V20Nb20Mo20Ta20W20 refractory high entropy alloys. Intermetallics 2011, 19, 698–706. [CrossRef]

57. Senkov, O.N.; Woodward, C.F. Microstructure and properties of a refractory NbCrMo0.5Ta0.5TiZr alloy.
Mater. Sci. Eng. A 2011, 529, 311–320. [CrossRef]

58. Juan, C.C.; Tsai, M.H.; Tsai, C.W.; Lin, C.M.; Wang, W.R.; Yang, C.C.; Chen, S.K.; Lin, S.J.; Yeh, J.W. Enhanced
mechanical properties of HfMoTaTiZr and HfMoNbTaTiZr refractory high-entropy alloys. Intermetallics 2015,
62, 76–83. [CrossRef]

59. Senkov, O.; Jensen, J.; Pilchak, A.; Miracle, D.; Fraser, H.J. Compositional variation effects on the
microstructure and properties of a refractory high-entropy superalloy AlMo0.5NbTa0.5TiZr. Mater. Des.
2018, 139, 498–511. [CrossRef]

60. Senkov, O.N.; Wilks, G.B.; Miracle, D.B.; Chuang, C.P.; Liaw, P.K. Refractory high-entropy alloys. Intermetallics
2010, 18, 1758–1765. [CrossRef]

61. Senkov, O.N.; Senkova, S.V.; Miracle, D.B.; Woodward, C. Mechanical properties of low-density, refractory
multi-principal element alloys of the Cr–Nb–Ti–V–Zr system. Mater. Sci. Eng. A 2013, 565, 51–62. [CrossRef]

62. Senkov, O.N.; Senkova, S.V.; Woodward, C.; Miracle, D.B. Low-density, refractory multi-principal element
alloys of the Cr–Nb–Ti–V–Zr system: Microstructure and phase analysis. Acta Mater. 2013, 61, 1545–1557.
[CrossRef]

63. Senkov, O.N.; Woodward, C.; Miracle, D.B. Microstructure and properties of aluminum-containing refractory
high-entropy alloys. JOM 2014, 66, 2030–2042. [CrossRef]

64. Lin, C.M.; Juan, C.C.; Chang, C.H.; Tsai, C.W.; Yeh, J.W. Effect of Al addition on mechanical properties and
microstructure of refractory AlxHfNbTaTIZr alloys. J. Alloys Compd. 2015, 624, 100–107. [CrossRef]

65. Wu, Y.D.; Cai, Y.H.; Wang, T.; Si, J.J.; Zhu, J.; Wang, Y.D.; Hui, X.D. A refractory Hf25Nb25Ti25Zr25

high-entropy alloy with excellent structural stability and tensile properties. Mater. Lett. 2014, 130, 277–280.
[CrossRef]

66. Senkov, O.N.; Jensen, J.K.; Pilchak, A.L.; Miracle, D.B.; Fraser, H.L. Compositional variation effects on the
microstructure and properties of a refractory high-entropy superalloy AlMo0.5NbTa0.5TiZr. Mater. Des.
2017, 139, 498–511. [CrossRef]

67. Stepanov, N.D.; Yurchenko, N.Y.; Panina, E.S.; Tikhonovsky, M.A.; Zherebtsov, S.V. Precipitation-
strengthened refractory Al0.5CrNbTi2V0.5 high entropy alloy. Mater. Lett. 2017, 188, 162–164. [CrossRef]

68. Yurchenko, N.Y.; Stepanov, N.D.; Zherebtsov, S.V.; Tikhonovsky, M.A.; Salishchev, G.A. Structure and
mechanical properties of B2 ordered refractory AlNbTiVZrx (x = 0–1.5) high-entropy alloys. Mater. Sci.
Eng. A 2017, 704, 82–90. [CrossRef]

69. Sheikh, S.; Shafeie, S.; Hu, Q.; Ahlström, J.; Persson, C.; Veselý, J.; Zýka, J.; Klement, U.; Guo, S. Alloy design
for intrinsically ductile refractory high-entropy alloys. J. Appl. Phys. 2016, 120, 3445. [CrossRef]

70. Yang, X.; Zhang, Y.; Liaw, P.K. Microstructure and compressive properties of NbTiVTaAlx high entropy
alloys. Procedia Eng. 2012, 36, 292–298. [CrossRef]

71. Senkov, O.N.; Zhang, F.; Miller, J.D. Phase composition of a CrMo0.5NbTa0.5TiZr high entropy alloy:
Comparison of experimental and simulated data. Entropy 2013, 15, 3796–3809. [CrossRef]

72. Jiang, H.; Zhang, H.; Huang, T.; Lu, Y.; Wang, T.; Li, T. Microstructures and mechanical properties of
Co2MoxNi2VWx eutectic high entropy alloys. Mater. Des. 2016, 109, 539–546. [CrossRef]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

603





entropy

Article

Magnetic Properties and Microstructure of
FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10)
High-Entropy Alloys

Zhong Li 1, Chenxu Wang 1, Linye Yu 1,2, Yong Gu 1,3, Minxiang Pan 1, Xiaohua Tan 1,*

and Hui Xu 1,*

1 Institute of Materials Science, School of Materials Science and Engineering, Shanghai University,
Shanghai 200072, China; hanying880205@163.com (Z.L.); wcx123581@163.com (C.W.);
17721232010@163.com (L.Y.); gy2018@hznu.edu.cn (Y.G.); panminxiang@cjlu.edu.cn (M.P.)

2 Shanghai Marine Diesel Engine Reserch Institute, Shanghai 201108, China
3 Qianjiang College, Hangzhou Normal University, Hangzhou 310036, China
* Correspondence: tanxiaohua123@shu.edu.cn (X.T.); huixu8888@shu.edu.cn (H.X.);

Tel.: +86-21-5633-7032 (X.T.); +86-21-5633-7887 (H.X.)

Received: 9 October 2018; Accepted: 8 November 2018; Published: 13 November 2018

Abstract: The present work exhibits the effects of Sn addition on the magnetic properties and
microstructure of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) high-entropy alloys (HEAs). The results show all
the samples consist of a mixed structure of face-centered-cubic (FCC) phase and body-centered-cubic
(BCC) phase. The addition of Sn promotes the formation of BCC phase, and it also affects the shape
of Cu-rich nano-precipitates in BCC matrix. It also shows that the Curie temperatures (Tc) of the
FCC phase and the saturation magnetization (Ms) of the FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs
increase greatly while the remanence (Br) decreases after the addition of Sn into FeCoNi(CuAl)0.8

HEA. The thermomagnetic curves indicate that the phases of the FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10)
HEAs will transform from FCC with low Tc to BCC phase with high Tc at temperature of 600–700
K. This work provides a new idea for FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs for their potential
application as soft magnets to be used at high temperatures.

Keywords: high-entropy alloys (HEAs); phase constitution; magnetic properties; Curie temperature;
phase transition

1. Introduction

Since the first report of high-entropy alloys (HEAs) in 2004 [1], researchers have shown an
increased interest in the study of HEAs. HEAs are the definition of alloys that are typically composed
of more than 5 principal elements, which have broken the traditional alloy design concept based on 1 or
2 principal elements [2]. In contrast with the conventional alloys, HEAs predominantly trend to form
an amorphous structure [3,4] or a simple solid solution with body-centered-cubic (BCC) phase [5,6],
face-centered-cubic (FCC) phase [7–9] or a mixture of them [10,11], which is attributed to the high
mixing entropy of HEAs [12,13]. The unique design concept and the significant mixing entropy effect
of HEAs give them potential application in many high-entropy structural and functional materials.
For example, HEAs have huge potential for use in jet-engine turbines, thin-film resistors, heat- or
wear-resistant parts, functional coatings, and electronic products [13,14]. Recently, the good magnetic
properties of HEAs capture the increasing interest in this new field of materials [15,16]. It is worth
noting that many HEAs [17–20] consist of several ferromagnetic elements, such as Fe, Co, and Ni, and
they also have a good comprehensive mechanical properties, which make them have great application
potential in soft magnetic materials. HEAs with good magnetic and mechanical properties are expected
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to be used in electric motors, electromagnets, and magnetic recording. Liu et al. [21,22] reported the
FeCoNi0.25Al0.25 HEA exhibits a high saturation magnetization (Ms = 101.0 emu/g) and a low coercivity
(Hc = 268 A/m). Zuo et al. [23] found CoNiMnGa HEA shows a low saturation magnetostriction
coefficient and a high Curie temperature (Tc). In our previous work [24], the FeCoNi(CuAl)0.8 HEA
consisting of BCC and FCC phases shows good magnetic and mechanical properties, and it was found
that BCC phases show a higher Ms than that of FCC phases for the FeCoNi(CuAl)0.8 HEA. The other
work of our group [25] found a minor amount of Ga addition into FeCoNi(CuAl)0.8 HEA can promote
the formation of BCC phase and improve the Ms of the alloy, and the value of remanence (Br) and
coercivity (Hc) also increases. It was reported that the addition of Sn can hinder the formation of FCC
phase [26] and promote the formation of BCC phase [27]. Therefore, in this work, a minor amount of
Sn was added into the FeCoNi(CuAl)0.8 HEA hoping to get a higher volume fraction of BCC phase.

In this work, the FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs were studied from phase constitutions
to microstructure and magnetic properties. It was found that these HEAs show high Ms, low Br,
and high Tc, which indicate their potential application as soft magnetic materials. This paper offers a
good method for designing future high-performance soft magnetic materials.

2. Materials and Methods

The FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs were prepared via arc-melting the constituent
elements of 99.99% purity using a water-cooled Cu crucible. The alloys were sucked into a
100 × 10× 2 mm water-cooled Cu mold after remelting four times. X-ray diffraction (XRD, D/max-2500
V, Rigaky Corporation, Tokyo, Japan) was used to characterized the crystal structures of the
FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs at a scan speed of 1◦/min. Scanning electronic microscopy
(SEM, Hitachis-3400N) was used to observe the morphology of the samples. Transmission electron
microscope (TEM, JEM-2100F, JEOL, Ltd., Tokyo, Japan) was employed for the microstructure of HEAs.
Dual-beam focused ion beam (FIB, FEI Helios 600i, Hillsboro, OR, USA) was used to prepare the TEM
samples. The high angle annular dark field (HAADF) images were performed by a scanning transmission
electron microscope with energy dispersive spectrometer (STEM/EDS, JEM-2100F, JEOL, Ltd., Tokyo,
Japan). The Ms and thermomagnetic curves was obtained from vibrating sample magnetometer (VSM,
Lakeshore 7407, Westerville, OH, USA). The coercivity (Hc), hysteresis losses (Pu), remanence (Br), initial
permeability (μi), and maximum permeability (μmax) were obtained from hysteresis curves (DC) test system
(HCTS, FE-2100SD, Forever elegance, Hunan, China) using a 27 × 9 × 1.7 mm rectangular sample at a
magnetic field of 25 kA/m. The thermal stability was analyzed by differential scanning calorimeter (DSC,
DIAMOND) at a heating rate of 10 K/min.

3. Results and Discussion

3.1. X-ray Diffraction

Figure 1 shows the XRD patterns of the FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs. It is found that
all of these HEAs consist of a mixed structure of FCC phase and BCC phase. A few diffraction peaks
of unknown phases appear in the XRD patterns for x ≥ 0.02 and it is especially obvious for x ≥ 0.06.
Here, I(111)FCC and I(110)BCC were used to denote the diffraction intensity of the strongest peak of (111)
for FCC phase and (110) for BCC phase, respectively. Therefore, the relative content of FCC and BCC
phases can be expressed as I(110)BCC/I(111)FCC. Table 1 shows the ratio of I(110)BCC/I(111)FCC. For x = 0,
the ratio of I(110)BCC/I(111)FCC is 0.38. This means the FCC phase in the FeCoNi(CuAl)0.8 HEA is a
dominant phase. When the content of Sn increases from 0.02 to 0.10, the ratio of I(110)BCC/I(111)FCC
increases from 0.69 to 10.53, suggesting that the content of BCC phase increases rapidly. Based on
XRD patterns, the lattice parameters of FCC and BCC phases can be calculated and shown in Table 1.
It is seen that the lattice parameters of FCC and BCC phases all increase as x increases from 0 to 0.04,
then they decrease and remain almost stable as x further increases. The decrease of lattice parameters
of FCC and BCC phases may be due to the precipitation of these unknown phases.
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Figure 1. XRD patterns of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) high-entropy alloys (HEAs).

Table 1. The ratio of I(110)BCC/I(111)FCC and lattice parameters of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs.

x I(110)BCC/I(111)FCC aFCC (nm) aBCC (nm)

0 0.38 0.3588 0.2856
0.02 0.69 0.3634 0.2891
0.04 1.11 0.3642 0.2894
0.06 1.81 0.3614 0.2876
0.08 2.40 0.3612 0.2879
0.10 10.53 0.3616 0.2876

3.2. Magnetic Properties

Figure 2 shows hysteresis loops of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs measured by VSM.
Figure 3 shows the magnetization curves and hysteresis loops of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10)
HEAs measured by HCTS. The corresponding magnetic parameters obtained from Figures 2 and 3
are shown in Table 2. As can be seen from Table 2, the value of Ms increases from 78.6 Am2/kg to
88.8 Am2/kg as x increases from 0 to 0.10, which increases almost 13 percent. To make it easier to
compare, the corresponding magnetic parameters as well as the ratio of I(110)BCC/I(111)FCC as a function
of x are shown in Figure 4. It is obvious that the Ms, coercivity (Hc), and hysteresis losses (Pu) increase
while the initial permeability (μi) and maximum permeability (μmax) have a generally decreasing trend
with increasing x. These results may be due to the increase of the volume fraction of BCC phase
and the decrease of the volume fraction of FCC phase, which is in agreement with that of reported
FeCoNi(CuAl)0.8Gax (0 ≤ x ≤ 0.08) HEAs [25]. However, the value of remanence (Br) decreases after
the addition of Sn into FeCoNi(CuAl)0.8 HEA, and this is completely different from the effect of Ga,
which contributes to the increase of Br [25]. A careful analysis of these magnetic parameters shows the
decrease of Br may be due to the rapid decrease of permeability.

607



Entropy 2018, 20, 872

Figure 2. Hysteresis loops of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs measured by VSM.

Figure 3. Magnetization curves and hysteresis loops of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs
measured by HCTS.
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Figure 4. The ratio of I(110)BCC/I(111)FCC and magnetic properties as a function of x for
FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs.

Table 2. Magnetic parameters of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs.

x Ms (Am2/kg) Br (mT) Hc (A/m) Pu (J/m3) μm μi

0 78.6 179.5 362.0 558.6 254.3 124.8
0.02 80.6 164.5 404.5 738.2 193.6 103.9
0.04 82.2 145.9 529.8 947.4 135.4 100.9
0.06 84.4 114.2 580.7 988.5 96.15 62.44
0.08 86.1 115.4 685.0 1275 87.69 65.55
0.10 88.8 119.5 1020 1848 60.86 50.94

The temperature dependence of magnetization for FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs
measured at an applied magnetic field of 1 T is shown in Figure 5. It can be seen that the magnetization
of the FeCoNi(CuAl)0.8 HEA decreases first with increasing temperature, and it has hit bottom of
28.9 Am2/kg when the temperature is 630.4 K, then it increases quickly and reaches a constant value of
about 52 Am2/kg at 706 K. It is worth noting that the magnetization does not reduce to 0 at its lowest
point. That means a magnetic phase with higher Curie temperature exists in the alloy. As can be seen
from Figure S1, there is one phase transformation peak [25] for FeCoNi(CuAl)0.8 HEA, at which the
phase transforms from FCC to BCC phase. Therefore, it can be concluded that the Curie temperatures
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of BCC phase are obvious higher than that of FCC for FeCoNi(CuAl)0.8 HEA. That means the FCC
phase exhibits paramagnetic behavior and a disordered magnetic structure while the BCC phase
still shows ferromagnetic behavior with the increase of temperature. It also agrees well with our
previous study [25]. Therefore, the magnetization of the alloy will increase when the temperature
is above 630.4 K and below 706 K. The Curie temperature (Tc), corresponding to the ferromagnetic
to paramagnetic state transition of FCC phase for FeCoNi(CuAl)0.8 HEA, is indicated by arrow in
Figure 5. For ease of comparison, the Curie temperatures of FCC phase for other FeCoNi(CuAl)0.8Snx

(0.02 ≤ x ≤ 0.10) HEAs are also shown in Figure 5. For x = 0.04, the outline of the curve is similar to
that of the Sn-free alloy, but the Curie temperature of FCC phase increases significantly and reaches
634.9 K. For x ≥ 0.08, the Curie temperature of FCC phase continues to increase. However, there is
only little change for the value of magnetization as the temperature continues to increase. This is
because only a small number of FCC phase transform to BCC phase according to the results of
XRD in Figure 1 and DSC curves in Figure S1. Therefore, it can be concluded that the addition of a
minor amount of Sn can obviously increase the Curie temperature of FCC phase. The phases of the
FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs will transform from FCC with low Tc to BCC phase with
high Tc at temperature of 600–700 K, which leads to the increase of magnetization. This provides a
new idea for FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs for their potential application as soft magnets
to be used at high temperature.

 
Figure 5. The thermomagnetic curves of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs.

3.3. Microstructure

The SEM backscattered-electron (SEM-BSE) microstructures of the FeCoNi(CuAl)0.8Snx

(0 ≤ x ≤ 0.10) HEAs are displayed in Figure 6. In Figure 6a, two obviously identifiable contrasts
are found in the Sn-free alloy, which can be identified as dendritic regions and interdendritic regions
(marked as DR and IR, respectively). According to our previous studies [24,25], the DR and IR region
can be confirmed to be FCC and BCC phase, respectively. For x ≥ 0.02, regions with strong contrast
appear between the DR and IR regions, namely, the phase boundary regions, which can be marked as
PB region. Moreover, the volume fraction of DR gradually decreases while the volume fraction of IR
and PB increase with the increase of x. In addition, it is worth noting that the DR phases are almost
invisible in the FeCoNi(CuAl)0.8Sn0.10 HEA (Figure 6f). The above results are in good agreement
with the XRD results. Therefore, we can conclude that the addition of Sn in FeCoNi(CuAl)0.8Snx

(0 ≤ x ≤ 0.10) HEAs can promote the formation of BCC phases and PB phases.
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Figure 6. Typical SEM-BSE images of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs.

In order to get more details of the FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs, the structures of the
FeCoNi(CuAl)0.8 and FeCoNi(CuAl)0.8Sn0.10 HEAs were further analyzed by TEM and the results are
shown in Figure 7. Figure 7a1 confirms that FeCoNi(CuAl)0.8 HEA consists of two kinds of phases
which are named as DR (dendritic region) and IR (interdendritic region) according to the results
revealed by the typical SEM-BSM images (Figure 6). The selected-area-electron-diffraction (SAED)
patterns of Figure 7a2,a3 suggest the FCC crystal structure of DR and the BCC crystal structure of IR
in FeCoNi(CuAl)0.8 HEA. Meanwhile, it can be seen from Figure 7a1 that the surface of FCC phase
is very smooth while the surface of BCC phase is much harsh. The high-magnification bright-field
image of BCC phase for FeCoNi(CuAl)0.8 HEA is shown in Figure 7a4 and displays that the BCC phase
contains a large number of nanoscale precipitates which distribute homogeneously in the BCC matrix.
Moreover, the average size of nanoscale precipitates is 20 ± 5 nm. After the addition of Sn into the
FeCoNi(CuAl)0.8 HEA, DR and IR regions can also be found in the FeCoNi(CuAl)0.8Sn0.10 HEA in
Figure 7b1. Similarly, the former one can be indexed as FCC phase while the latter one is BCC phase
according to the diffraction calibration in Figures 7 and 7. In addition, it sees that two new regions
(marked as A and B, respectively) are observed in Figure 7b1. We can infer that they are the source
of the unknown phase peak in the XRD pattern. As shown in Figure 7b4, the high-magnification
bright-field image of BCC phase for FeCoNi(CuAl)0.8Sn0.10 HEA is apparently different from that of
the Sn-free alloy. The shape of the nano-precipitates is rod-like, and their density is lower than that in
FeCoNi(CuAl)0.8 HEA. At the same time, the nanoprecipitates with an average length of about 100 nm
and a width of about 30 nm are larger than that in FeCoNi(CuAl)0.8 HEA.
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Figure 7. TEM images of FeCoNi(CuAl)0.8 HEA: (a1) bright-field image; (a2) SAED pattern of DR
region; (a3) SAED pattern of IR region; (a4) high-magnification bright-field image of IR region.
TEM images of FeCoNi(CuAl)0.8Sn0.10 HEA: (b1) bright-field image; (b2) SAED pattern of DR region;
(b3) SAED pattern of IR region; (b4) high-magnification bright-field image of IR region.

The high angle annular dark field (HAADF) image and element mappings of Fe, Co, Ni, Cu,
and Al for FeNiCo(CuAl)0.8 HEA measured by STEM-EDS technique are displayed in Figure 8. As can
be seen from Figure 8a, the microstructure of the FeNiCo(CuAl)0.8 HEA is similar to that shown in
Figure 7a1. It is worth noting that a phase boundary region with a width of about 13 nm can also
be found in Figure 8a. We can confirm that these nanoprecipitates in the BCC region and the phase
boundary region are rich in Cu (Figure 8e). Figure 8b–f suggests that the distribution of Fe and Co
is very uniform in the alloy, while Ni and Al are enriched in the BCC region. The formation of the
Cu-rich phase boundary regions in the as-cast FeNiCo(CuAl)0.8 HEA may be caused by the following
three reasons. First, the melting point of Cu is lower than that of Fe, Co, and Ni [28], thus it may
solidify after Fe, Co, and Ni when the temperature decreases. Second, the mixing enthalpies [28]
(Table S1) between Cu and Fe, Co, and Ni are 13, 6, and 4 kJ/mol, respectively, meaning Cu is more
likely to be repelled by other elements to form the Cu-rich phase boundary region. Finally, and most
importantly, Cu and other elements are completely soluble at high temperature, but a large amount of
Cu will precipitate out due to the rapid decrease of Cu solubility during casting. As for the formation
of Cu-rich nano-precipitate in the BCC phase, it is due to the great difference in crystal structure
between copper and the BCC phase matrix as well as the decrease of Cu solubility in BCC phase and
the positive mixing enthalpies of Cu with Fe, Co, Ni, and Sn.

612



Entropy 2018, 20, 872

 

Figure 8. High angle annular dark field (HAADF) image (a) and elemental mapping images of
FeCoNi(CuAl)0.8 HEA for Fe-Kα (b), Co-Kα (c), Ni-Kα (d) Cu-Kα (e) and Al-Kα (f).

Figure 9 shows the HAADF image and elemental mapping images of FeCoNi(CuAl)0.8Sn0.10

HEA. Compared with that of FeCoNi(CuAl)0.8 HEA, the microstructure shown in Figure 9a is more
complex. From Figure 9a, a large number of Cu-rich nanoprecipitates with rod-like shape can be found
in BCC phase. The shape of the precipitates changes to spherical as they approach the phase boundary
region, and their size also gradually decreases. Figure 9b–g suggests that the distribution of Fe and
Co is uniform in FCC and BCC phase regions, however, little Fe and Co can be found in the region
between FCC and BCC phase. Moreover, the distribution of Ni and Al is enriched in BCC regions.
One of the interesting things is that Cu and Sn segregate in the region between FCC and BCC phase.
Besides, in the region where Sn is enriched, the content of Ni is also very high. Therefore, we can
deduce that the unknown phase shown in the XRD patterns is composed of two phases, and one of it
is rich in Cu, the other one is rich in Ni and Sn.

Figure 9. HAADF image (a) and elemental mapping images of FeCoNi(CuAl)0.8Sn0.10 HEA for Fe-Kα

(b), Co-Kα (c), Ni-Kα (d) Cu-Kα (e), Al-Kα (f) and Sn-Kα (g).
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4. Conclusions

In this work, the FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs were prepared by vacuum arc-melt
casting. Effects of Sn content on the phase constitution and magnetic properties were studied. All the
samples are composed of FCC and BCC phases, whereas some unknown phases appear with the
addition of Sn. The addition of Sn promotes the formation of BCC phase, and it also affects the shape
of Cu-rich nanoprecipitates in the BCC matrix. Moreover, the Ms increases greatly while the remanence
(Br) decreases with the increasing of x for FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs. The addition of
Sn can obviously increase the Curie temperature of the FCC phase. The phase of alloys with a mixture
of FCC and BCC will transform from FCC to BCC phase at high temperature, leading to an increase of
magnetization. They can be used as new soft magnetic materials at high temperatures.

Supplementary Materials: The following are available online at http://www.mdpi.com/1099-4300/20/11/872/
s1, Figure S1: DSC curves of FeCoNi(CuAl)0.8Snx (0 ≤ x ≤ 0.10) HEAs. Table S1: The melting points (K) [28] of
different elements and the mixing enthalpies (kJ/mol) [29] between two elements.
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Abstract: FeSiBAlNi (W5), FeSiBAlNiCo (W6-Co), and FeSiBAlNiGd (W6-Gd) high entropy alloys
(HEAs) were prepared using a copper-mold casting method. Effects of Co and Gd additions combined
with subsequent annealing on microstructures and magnetism were investigated. The as-cast
W5 consists of BCC solid solution and FeSi-rich phase. The Gd addition induces the formation
of body-centered cubic (BCC) and face-centered cubic (FCC) solid solutions for W6-Gd HEAs.
Whereas, the as-cast W6-Co is composed of the FeSi-rich phase. During annealing, no new
phases arise in the W6-Co HEA, indicating a good phase stability. The as-cast W5 has the highest
hardness (1210 HV), which is mainly attributed to the strengthening effect of FeSi-rich phase evenly
distributed in the solid solution matrix. The tested FeSiBAlNi-based HEAs possess soft magnetism.
The saturated magnetization and remanence ratio of W6-Gd are distinctly enhanced from 10.93 emu/g
to 62.78 emu/g and from 1.44% to 15.50% after the annealing treatment, respectively. The good
magnetism of the as-annealed W6-Gd can be ascribed to the formation of Gd-oxides.

Keywords: high entropy alloys; elemental addition; annealing treatment; magnetic property; microhardness

1. Introduction

Recently, a new concept was proposed for high entropy alloys (HEAs), which has aroused wide
attention and interest [1–3]. Generally, HEAs with equiatomic or near-equiatomic alloying elements
mainly consist of face-centered cubic (FCC), body-centered cubic (BCC), or hexagonal closed-packed
(HCP) solid solutions, and some intermetallic or amorphous phases. Owing to the special phase
structure, HEAs usually possess excellent mechanical properties [4,5] and corrosion resistance [6],
especially magnetic properties [7–9]. Several studies have reported that additions of certain elements
into HEAs could induce the transformation of crystalline structures and further affect the related
properties of HEAs [9–11]. The addition of Al, Ga, and Sn to the CoFeMnNi HEA induced the
phase transition from FCC to ordered BCC phases, and further led to the significant improvement
of the saturation magnetization (Ms) [9]. The microstructural evolution of (FeCoNiCrMn)100-xAlx
HEA system transformed from the initial single FCC structure to final single BCC structure as Al
concentration increased from 0 to 20 at. % [10]. Both the tensile fracture and yield strength were
enhanced with increasing Al concentration. The HEAs phases are metastable in thermodynamics,
therefore, would transform to the stable microstructure after subsequent annealing, which obviously
affects the properties of HEAs to some degree [3,8,12–15]. Annealing under a given condition can lead
to the occurrence of phase transition from a FCC to BCC phase for FeCoNi(CuAl)0.8 HEAs, resulting in
a substantial increase in the Ms from 78.9 Am2/kg to 93.1 Am2/kg [15].

Recently, our group has prepared a series of as-milled FeSiBAlNi-based HEA powders using
a mechanical alloying (MA) process [11,14,16]; these displayed an interesting microstructural evolution
and magnetic properties. In the present study, the equiatomic FeSiBAlNiM (M = Co, Gd) HEAs
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were fabricated by a copper-mold spray casting technique. The effects of Co and Gd additions
and subsequent annealing treatment on the microstructures, microhardness, and magnetism of the
FeSiBAlNi HEAs were systematically investigated.

2. Experimental

The ingots of FeSiBAlNi, FeSiBAlNiCo, and FeSiBAlNiGd HEAs (denoted as W5, W6-Co,
and W6-Gd, respectively) were prepared by an arc melting technique. The melting of these ingots
was repeated at least five times to ensure the composition homogeneity in a Ti-gettered high-purity
argon atmosphere. Then the ingots were remelted and made into 8 mm diameter rods by copper
mold spray casting in an argon atmosphere. Then, the rods were annealed at given temperatures
for two hours and cooled inside the furnace in the argon atmosphere. The annealing temperatures
were set as two segments denoted as TI and TII in a low and high temperature region, respectively.
There are 600 and 1000 ◦C for W5 HEA, 600 and 1000 ◦C for W6-Co HEA, and 650 and 1050 ◦C for
W6-Gd HEA. The relatively high annealing temperatures selected for W6-Gd are attributed to the
higher melting point (Tm) than that of the other two samples, as shown in the differential scanning
calorimetry (DSC) curves.

Microstructural characterization of the as-cast and as-annealed HEAs were conducted by X-ray
diffraction (XRD, Rigaku D8 Advance, Bruker, Germany) using Cu Kα radiation, field emission
scanning electron microscopy (FESEM, QUANTA FEG 250 operated at 15 kV, Japan) coupled with
energy dispersive spectrometry (EDS). The working distance used in SEM measurements was less
than 10 mm. The thermal properties were analyzed by differential scanning calorimetry (DSC,
TGA/DSC1, Mettler-Toledo, Greifensee, Switzerland) used under a continuous flow (30 mL/min)
high-purity argon atmosphere at a heating rate of 10 K/min scanned from room temperature to 1400 ◦C.
Microhardness of the tested HEAs was determined by a Vickers hardness tester (HV-10B), with a load
of 200 g and a duration time of 15 s. The HV measurement for every tested sample was repeated
ten times in order to obtain the average values. The coercive force (Hc), Ms, and remanence ratio
(Mr/Ms, Mr: remanence) were determined by an alternating gradient magnetometer (AGM) at room
temperature with a maximum applied field of 14000 Oe.

3. Results and Discussion

The XRD patterns of the as-cast W5, W6-Co, and W6-Gd HEAs are shown in Figure 1a. The as-cast
W5 HEA consists of BCC1 (a = 4.475 Å) solid solution and FeSi-rich phase. The XRD pattern of
the as-cast W6-Co HEA mainly displays the FeSi-rich phase of solution of other principal elements.
In addition, other phase peaks may overlap with FeSi-rich phase peaks. Compared with the W5
and W6-Co HEAs, the effect of Gd addition on phase composition presents an obvious difference.
The as-cast products of W6-Gd HEA exhibit the formation of new BCC2 (a = 4.484 Å) and FCC
solid solutions. However, the FeSi-rich phase doesn’t appear. The phase products of the as-cast W5,
W6-Co, and W6-Gd HEAs are presented in Table 1.

Figure 1b shows the DSC curves of the as-cast HEAs. The Tm value of W6-Co HEA is 1129 ◦C,
which is lower than that of W5 (1152 ◦C). However, the Gd addition increases the value of Tm,
which reaches 1185 ◦C.
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Figure 1. XRD patterns (a) and differential scanning calorimetry (DSC) curves (b) of the as-cast W5,
W6-Co, and W6-Gd HEAs.

Table 1. Phase products of as-cast and as-annealed W5, W6-Co, and W6-Gd high entropy alloys (HEAs)
at TI and TII, identified distinctly from XRD patterns.

HEAs As-Cast
As-Annealed

TI TII

W5 BCC1+FeSi-rich BCC3+FeSi-rich BCC3+FeSi-rich
W6-Co FeSi-rich FeSi-rich FeSi-rich
W6-Gd BCC2+FCC BCC2 + FCC + AlNi + AlGd + Gd-oxide BCC2 + FCC + AlNi + AlGd + Gd-oxide

To further investigate the difference in morphologies and compositions caused by the Co and Gd
additions, FESEM coupled with EDS analysis was carried out and is presented in Figure 2 and Table 2.
As shown in Figure 2a, a larger number of polygonous light-grey phases distribute dispersedly in the
matrix, as well as the irregular black phases with small size. The inset of Figure 2a-1 reveals one rhombic
grain with edge sizes less than 8 μm. It needs to be noted that metalloid B as a light element can’t be
accurately measured. Moreover, the B content of some samples is very small in most regions, therefore,
they are omitted in the present study. According to the EDS results, matrix (A) contains more Al and Ni
elements, and a certain amount of Fe and Si elements. Furthermore, there is a partial FeSi-rich phase in
region (A) and the black region (B) is enriched with Fe and Si elements. This indicates that the FeSi-rich
phase mainly exists in region (B), presenting an evenly distribution in the matrix. The rhombic grain (C)
is mainly composed of Fe and B elements (instead, region (C) contains more B element above 10 at. %.).
The Co addition induces the refinement of the precipitated grains (Figure 2b). The inset in Figure 2b-1
shows that the larger number of dark regions (D) with the smaller size exhibit a uniform distribution state
and enrich Fe and Si elements. The gray region (E) is rich in the Ni element, and the bright-grey region
(F) is poor in the Al element. Moreover, the component ratio of Fe and Si in regions (E) and (F) is close
to 1:1. Although several phases appear in the SEM images, no peaks other than the FeSi-rich phase can be
seen in the XRD results of as-cast W6-Co HEA (Figure 1). It suggests that the precipitates probably have
a similar lattice constant and crystal structure concerning the matrix [17]. Moreover, it could be a complex
compositional fluctuation in the as-cast W6-Co HEA [18]. Figure 2c and inset (Figure 2c-1) present that
the as-cast W6-Gd HEA consists of coarse rod-like dendrites as the FCC-matrix phase. They are rich in
each principal element with near-equiatomic ratio except for Al element (region (G)). However, the Al
element segregates in the interdendritic grains ((H): dark- and deep-grey regions) corresponding to the
BCC2 phase with less contents. Usually the precipitation pathways in HEAs can be very complex, and it
is a particularly challenging topic, which remains to be studied [19].
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Figure 2. Field emission scanning electron microscopy (FESEM) micrographs of the as-cast high entropy
alloys (HEAs): (a) W5; (b) W6-Co; and (c) W6-Gd. The insets of (a-1), (b-1), and (c-1) are the partial
enlargements corresponding to (a), (b), and (c), respectively.

Table 2. Chemical compositions of representative regions for W5, W6-Co, and W6-Gd HEAs obtained
by energy dispersive spectrometry (EDS).

Regions
Elements (at. %)

Fe Si B Al Ni Co Gd

A 11.36 10.01 - 36.29 42.34 - -
B 39.6 33.8 - 12.95 13.65 - -
C 80.9 1.65 10.97 2.6 3.87 - -
D 41.15 27.85 - 6.38 10.49 14.13 -
E 11.42 12.51 - 17.59 34.78 23.7
F 24.72 22.07 - 2.1 27.66 23.45
G 24.5 27.9 - 0.48 17.41 - 29.71
H 14.57 2.55 - 51.32 11.06 - 20.5

Figure 3 shows the XRD patterns of the as-annealed W5, W6-Co, and W6-Gd HEAs at different
temperatures; their annealing products are also listed in Table 1. After annealing at TI, the annealed
products of W5 HEAs consist of a new BCC3 (a = 4.033 Å) solid solution with a FeSi-rich phase.
However, the contents of the FeSi-rich phase obviously decrease compared to that of the as-cast state.
Moreover, the BCC1 solid solution disappears (Figure 3a). Via annealing at TII the two obtained
phases still exist, but the diffraction peak intensity becomes strong, indicating the further growth and
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coarsening of the grains. Being distinct from the W5 HEA, no new phase transformation occurs in the
W6-Co HEA after annealing at TI and TII, indicating that the W6-Co HEA possesses a good thermal
stability (Figure 3b). It suggests that the Co addition leads to the transformation from the metastable
characteristic of W5 HEA to a more stable state in thermodynamics. However, the inset presents that
the main diffraction peak of the W6-Co HEA shifts to the lower angle with the increased annealing
temperature, suggesting a serious lattice distortion caused by the expansion of the lattice. Figure 3c
reveals the formation of new phases of AlNi, AlGd, Gd-oxides, besides the primary BCC2 and FCC
solid solutions for the as-annealed W6-Gd HEA at TI. The as-annealed products are unchanged at TII,
except for the increased phase amounts of Gd-oxides. Moreover, compared with the W5 and W6-Co
HEA, the highest Tm value of the W6-Gd HEA may be attributed to the high Tm values of precipitated
intermetallic compounds of AlNi (1638 ◦C) and AlGd (1200 ◦C).
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Figure 3. XRD patterns of the as-annealed HEAs at different temperatures (TI and TII): (a) W5, (b)
W6-Co, and (c) W6-Gd.

Figure 4 shows the Vickers hardness (HV) of the as-cast and as-annealed HEAs. The W5 HEA
displays the highest HV among the tested HEAs, and the as-cast W5 HEA possesses the highest
hardness of 1210 HV. The additions of Co and Gd cause the decline of HV values, and the as-annealed
W6-Gd HEA (TII) displays the maximal decline of HV (738). It suggest that the annealing treatment
plays a negative effect on the HV of the as-cast samples, which is in agreement with Salishchec’s
results [20]. With the increased annealing temperature, the internal stress of the as-cast HEAs gradually
decreases as well as the microstructural coarsening. The effect of solid solution strengthening became
the smaller, and strain softening was revealed in HEAs [21]. Compared with W6-Co and W6-Gd HEAs,
the FeSi-rich phase, as the second strengthening phase in the W5 HEAs (especially the as-cast one)
evenly distributes in the BCC solid solution matrix, which can contribute to the high HV values.
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Figure 4. Vickers hardness of the as-cast and as-annealed W5, W6-Co, and W6-Gd HEAs.

The mass magnetization (M) as a function of the magnetic field intensity (H) for the as-cast and
as-annealed samples was tested. The Hc, Ms, and Mr/Ms of these HEAs are shown in Figure 5. All Hc

values of the tested HEAs are in the range from 10 to 180 Oe (Figure 5a), indicating the soft magnetism
nature of these HEAs. It suggests that the annealing treatment induces a weak decrease of Hc values
for the W5 and W6-Co HEAs, but the Hc of W6-Gd HEA becomes large after annealing. The Hc is
mainly affected by impurity, deformation, crystallite size, and stress, and the subsequent heat-treatment
process [22]. Therefore, the Hc values of as-annealed W5 and W6-Co HEAs are slightly lower than those
of the as-cast samples, suggesting that the former possess a little larger average crystallite size according
to the well-known coercivity-crystal size relationship [8]. Moreover, the origin of the lower Hc can be
attributed to the low number density of domain-wall pinning sites [23]. The as-annealed products of
W6-Gd HEA contain complex phase compositions, and display the inhomogeneous characteristics,
which obviously work towards the pinning effect of domain wall movement. Therefore the Hc values
can be enhanced after the annealing treatment.
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Figure 5. Magnetic properties of the as-cast and as-annealed W5, W6-Co, and W6-Gd HEAs: Hc (a),
Ms (b) and Mr/Ms (c).
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The variations of Ms are exhibited in Figure 5b. In the as-cast state, there is no distinct difference
in Ms for all the tested samples, and W5 HEA emerges with a slightly higher Ms of 12.91 emu/g.
After annealing at TI, the Ms of W5 HEA remains nearly unchanged, whereas declines with a reduction
of 27.7% at TII. There is no obvious magnetism changes revealed for the as-cast and as-annealed
W6-Co HEAs, and the Ms values become stabilized at about 11 emu/g. This stability of Ms is resulted
from the stable phase characteristic of W6-Co HEA in the annealing stage. Unlike W5 and W6-Co
HEAs, the magnetism of W6-Gd HEA is enhanced during annealing treatment. The Ms value of
the as-annealed W6-Gd HEA increased from 10.93 emu/g to 31.91 emu/g at TI, and further up to
62.78 emu/g at TII, suggesting increased soft magnetic properties.

From Figure 5c, the Mr/Ms values of as-cast W5 and W6-Co HEAs are similar to their as-annealed
states, which depend on their similar phase compositions. The as-annealed products of W6-Gd HEAs
are significantly different from the as-cast one, and the Mr/Ms values are enhanced from 1.44% (as-cast)
to 15.5% (at TI). Moreover, the as-annealed W6-Gd HEAs reveal the highest Mr/Ms values among the
tested samples, indicating a better soft magnetism.

Residual stress exists in the as-cast HEAs which can deteriorate the soft magnetic properties.
Appropriate heat treatment can induce stress relief, which is beneficial to improve the soft magnetic
properties [24]. Therefore, except for the as-annealed W5 HEA at TII, the soft magnetic properties of
the tested HEAs are properly improved by the structural relaxation through stress-relief annealing [25].
Notably, it suggests that Ms of the as-annealed W6-Gd HEA at TII is about five times higher than
that obtained for the as-cast one. Moreover, the magnetic properties are strongly dependent on
the microstructure of the materials. The microstructure contribution to magnetism arises from
morphology: properties such as magnetic anisotropy, magnetostriction, coercivity, and volume fraction
of the precipitates. The decrease in Ms for as-annealed W5 at TII can be related to the enhanced
density of grain boundaries and the increase of volumetric fraction of BCC3 solid solutions around
FeSi-rich phases, which reduce the magnetic moment. According to the effect of phase compositions
on magnetic properties, the increase in Ms for the as-annealed W6-Gd HEA can be ascribed to the
formation of Gd-oxides. Moreover, Ms is enhanced by increasing the contents of Gd-oxides after
elevating the annealing temperature.

4. Conclusions

The phase composition, microstructures, microhardness, and magnetic properties of as-cast and
as-annealed W5, W6-Co, and W6-Gd HEAs have been investigated. The as-cast and as-annealed W6-Co
HEAs maintain the same phase compositions, and are composed of single FeSi-rich phases, indicating
the stable phase characteristic. The addition of Gd obviously enhances Tm (1185 ◦C) compared with
W5, owing to the exhibition of AlNi and AlGd with high melting points. As-cast W5 possesses the
highest hardness of 1210 HV, which is attributed to the uniform distribution of the FeSi-rich phase
in the matrix. All the tested HEAs display soft magnetic properties. Moreover, the Ms and Mr/Ms

values of W6-Gd were enhanced from 10.93 emu/g to 62.78 emu/g and from 1.44% to 15.50% via
the annealing process, respectively. It suggests that Gd-oxides are beneficial to the enhancement of
magnetic properties in W6-Gd.
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Abstract: CoCrFeCuNi high-entropy alloys (HEAs) prepared by arc melting were irradiated with
a 100 keV He+ ion beam. Volume swelling and hardening induced by irradiation were evaluated.
When the dose reached 5.0 × 1017 ions/cm2, the Cu-rich phases exhibited more severe volume
swelling compared with the matrix phases. This result indicated that the Cu-rich phases were
favorable sites for the nucleation and gathering of He bubbles. X-ray diffraction indicated that all
diffraction peak intensities decreased regularly. This reduction suggested loosening of the irradiated
layer, thereby reducing crystallinity, under He+ ion irradiation. The Nix-Gao model was used to fit
the measured hardness in order to obtain a hardness value H0 that excludes the indentation size effect.
At ion doses of 2.5 × 1017 ions/cm2 and 5.0 × 1017 ions/cm2, the HEAs showed obvious hardening,
which could be attributed to the formation of large amounts of irradiation defects. At the ion dose of
1.0 × 1018 ions/cm2, hardening was reduced, owing to the exfoliation of the original irradiation layer,
combined with recovery induced by long-term thermal spike. This study is important to explore the
potential uses of HEAs under extreme irradiation conditions.

Keywords: high-entropy alloy; ion irradiation; hardening behavior; volume swelling

1. Introduction

High-entropy alloys (HEAs) have recently drawn increased interest because of their distinct
compositions, microstructures, and flexible properties. In contrast to conventional alloys, HEAs are
composed of more than five principal elements at equal or nearly equal atomic percentages (at.%).
HEAs exerts four primary effects: (1) high-entropy effect; (2) sluggish diffusion effect; (3) severe lattice
distortion effect; and (4) cocktail effect [1–4]. These effects render HEAs more likely to form a simple
solid-solution structure rather than an intermetallic compound, which confers distinct properties on
HEAs, including high fatigue strength [5], high hardness [6], good abrasion resistance and corrosion
resistance, high breaking strength at low temperatures [7–10], and good softening resistance at elevated
temperatures [11]. The use of HEAs as structural materials under extreme environments has been
proposed owing to their desirable mechanical properties and thermodynamic stability.

Previous studies on the irradiation effects of HEAs have mostly focused on irradiation resistance
and phase stability. Zhang et al. [12] evaluated the effects of irradiation on AlxCoCrFeNi (x = 0.1,
0.75, and 1.5) HEAs under 3 MeV Au+ ion irradiation at room temperature. Results indicated that
compared with conventional nuclear materials, single-phase HEAs based on the face-centered cubic

Entropy 2018, 20, 835; doi:10.3390/e20110835 www.mdpi.com/journal/entropy627



Entropy 2018, 20, 835

(FCC) structure in the AlxCoCrFeNi system showed improved radiation resistance; in addition,
volume swelling in the AlxCoCrFeNi alloys in the ascending order was FCC < FCC + BCC < BCC
(body-centered cubic). Yang et al. [13] recently reported that with temperature increased from 523 K
to 923 K, the irradiation-induced defect density of Al0.1CoCrFeNi HEAs decreased, whereas the
size of the defect increased. Meanwhile, irradiation led to Ni and Co enrichment as well as Fe, Cr,
and Al depletion in dislocation loops and dislocation regions. T. Nagase. et al. [14] showed that
as-sputtered CoCrFeMnNi HEAs maintained good irradiation resistance within a wide temperature
range from 298 to 773 K without grain coarsening under fast electron irradiation. Jin et al. studied a
Ni-based multicomponent alloy under 3 MeV Ni ion irradiation at 773 K [15,16] and found that
irradiation-induced volume swelling decreased with an increase in the number of elements in
the disordered solid solution under identical irradiation conditions. This finding suggested that
irradiation-induced volume swelling was also strongly affected by compositional complexity.

In the last decade, FeCoNi-based HEAs, as one of the successful HEAs, have attracted more
and more attention, especially because of its mechanical properties and microstructure evolution [17].
M. Klimova et al. [18] studied the microstructure and mechanical properties evolution of the Al-,
C-containing CoCrFeNiMn-type high-entropy alloy during cold rolling. They reported that rolling
resulted in an increase in strength and a decrease in ductility of the Al-, C-containing CoCrFeNiMn-type
alloy. Feng et al. [19] found that the short range order is positive between Al-Al, Al-Si, Si-Si pairs
and negative between Ni-Al, Co-Si, Fe-Co, Ni-Si, and Fe-Si pairs, which leads to an increase in the
elastic modulus by sacrificing ductility and isotropy. In addition, the appropriate doping of Y2O3 as a
reinforcement phase in CoCrFeMnNi HEAs could increase both the room temperature tensile strength
and the wear-resistance [20].

With regard to the irradiation response of HEAs, there are not many researches on the evolution
of mechanical properties of FeCoNi-based HEAs after irradiation. Meanwhile, most studies focused
on the effect of composition on irradiation-induced swelling and vertical inhomogeneity of radiation
damage, and the difference in irradiation response between the phase and phase boundary has
rarely been reported. Whether lateral inhomogeneity of irradiation response exists in the HEAs,
especially in single-phase FCC structure-based HEAs, has yet to be determined. In the present study,
a typical single-phase FCC structure-based CoCrFeCuNi HEA was selected, and the key objective
is to determine the irradiation response exerted by He+ ion irradiation. The present study provides
an initial examination of the fundamental irradiation behavior of an HEA material, thus offering an
insight into the potential of this family of materials for application under extreme environments.

2. Materials and Methods

CoCrFeCuNi HEAs with a diameter of 5 mm and a length of 100 mm were prepared by arc
melting a mixture of pure metal (purity > 99.9% wt %) in a Ti-gettered high-purity argon atmosphere.
These ingots were remelted at least four times to prevent chemical heterogeneity and were eventually
drop-cast into a copper mold. The cast bar was cut into thin pieces, each with a thickness of 2 mm,
and then mechanically polished to a mirror finish. Irradiation experiments were conducted in a
BNU-400 kV electrostatic accelerator in a test chamber, applying pressure near or below 10−5 torr.
The polished samples were irradiated with a 100 keV He+ ion beam at fluences of 2.5 × 1017 ions/cm2,
5.0 × 1017 ions/cm2, and 1.0 × 1018 ions/cm2 at a normal angle at room temperature.

Figure 1 shows the results for ion distribution, irradiation damage (displacement per atom or
dpa), and concentration of He atoms with the increases in depth calculated using the Ion Distribution
and Quick Calculation of Damage mode in the SRIM (Stopping and Range of Ions in Matter) 2008
code [21]. As shown in Figure 1a, when a large number of incident ions enter the HEAs, they form
a spatial influence area rather than a specific path owing to collision cascade. The total number of
ions is 99,999, and the effective depth of ion influence is ~560 nm. The dpa is determined by the
sum of the predicted Co, Cr, Cu, Fe, and Ni vacancy concentrations and recoil events within 0 nm to
~560 nm from the surface. According to Figure 1b,c, the three curves in each figure linearly change with
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increased ion doses, implying that the dpa and concentration of He atoms are positively correlated
with the total doses of incident ions. Equations (1) and (2) present the method used to extract the
irradiation damage (total vacancies produced/atom = dpa) and He atom concentration (in at.%) from
SRIM output files [21].
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vacancies
ions × Å

)
×
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)
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Figure 1. SRIM simulations of CoCrFeCuNi HEAs irradiated with 100 keV He+ ions. (a) Ion distribution;
(b) irradiation damage (dpa); and (c) concentration of He atoms with depth.

In addition, the number of atomic displacements reached the peak at a depth of approximately
290 nm, which corresponded to the projected range of the He+ ions in CoCrFeCuNi HEAs. The peak
concentrations of the He atoms were approximately 14.9%, 29.8%, and 59.6% under different doses.

The phase structures of pristine and irradiated samples were analyzed by slow-scan X-Ray
diffraction (XRD, Philips PW 1050 diffractometer with CuKα radiation, Amsterdam, Netherlands)
at 45 kV voltage, 0.01 step size, and 200 mA current for phase analysis with improved accuracy.
The microstructure and compositions of pristine and irradiated samples were analyzed by scanning
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electron microscopy (SEM, HITACHI S-4800, Tokyo, Japan) taken at a working voltage of 20.0 kV and
a working distance of 14.3 and 15.0 mm, with energy-dispersive X-ray spectroscopy (EDX, HORIBA
X-Max, Kyoto, Japan).

Nanoindentation experiments on pristine and irradiated samples were conducted using the
Agilent Technologies Nano Indenter G200 with a stand Berkovich diamond indenter at room
temperature (29.0 ◦C). The hardness measurement parameter included a strain rate of ~0.05 s−1,
frequency of ~45 Hz, and harmonic displacement of ~2.0 nm. Each nanoindentation test ran to a
maximum of 1000 nm into the indented surface, and all hardness measurement positions were in the
matrix phases. Specifically, the sample irradiated at fluences of up to 1.0 × 1018 ions/cm2, the hardness
measurement positions were located apart from the exfoliation of the damaged areas, that is, on the
remaining part underneath. The geometry of the tip was standardized from the indentation on fused
silica with the same indentation depth, and each sample was subjected to 5 indents with a space wider
than 50 μm.

3. Results

3.1. Microstructural Characterization

The XRD patterns of the pristine and irradiated CoCrFeCuNi HEA samples at different doses are
presented in Figure 2. The figure reveals that the samples remained fully crystalline, and the diffraction
peaks of CoCrFeCuNi HEAs in both pristine and irradiated samples at 43◦, 50◦, and 74◦ are from the
typical FCC phases corresponding to (111), (200), and (220) lattice planes, respectively. These findings
are similar to those in previous studies [22,23]. Figure 2 shows that no obvious phase decomposition
occurs under any irradiation condition, which is consistent with high configurational entropy playing
a significant role in single-phase stability [24]. A closer examination reveals that each major peak
contains two slightly separated peaks. The left peak of the major split peaks is attributed to the Cu-rich
phases, whereas the right peak is attributed to the matrix phases. These findings are consistent with
the following EDX results. The separated major peaks are hardly differentiated at low angles because
no significant difference in average atomic radius between the Cu-rich phases and matrix phases in
CoCrFeCuNi HEA is indicated. Moreover, the diffraction peaks of the irradiated HEAs shift to the
left, meaning a slight lattice expansion happens. Meanwhile, the intensity of the diffraction peaks
decreases with the increasing of irradiation dose, owing to the increased concentration of defects in the
near surface of HEAs.

Figure 2. XRD patterns of pristine and He+ ion-irradiated CoCrFeCuNi HEAs at different doses.
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Irradiation has been known to enhance diffusion in solids by creating defects, such as vacancies
and interstitials. These defects fill the irradiated layer with voids, eventually leading to a decrease
in crystallinity. Irradiation-induced defects generally lead to structural damage in the HEAs, such as
cluster of small defects and dislocation loops [25]. According to Makinson et al. [26], the peak
diffraction intensity of X-rays depends on the concentration of defects in a material. Meanwhile,
peak intensity decreases with an increase in defect concentration, and vice versa. In the present study,
the defect concentration induced by He+ ion irradiation increases with an increase in irradiation dose
of up to 1.0 × 1018 ions/cm2, leading to a decrease in peak intensity. Moreover, the low solubility of
helium in CoCrFeCuNi HEAs leads to its precipitation into bubbles and voids [27], further decreasing
the peak intensities.

3.2. Surface Topography

The SEM images reveal the surface morphology of pristine and irradiated CoCrFeCuNi HEAs at
different irradiation doses, as shown in Figure 3a–d. Table 1 shows the components of different regions
in the microstructures of pristine and irradiated CoCrFeCuNi alloys estimated by EDX spectroscopy.
The analysis was conducted on five pristine and five irradiated regions randomly chosen from the
samples. The EDX maps showing the elemental distribution of Cr, Co, Fe, Cu, and Ni on the HEAs
surface at different doses, are shown in Figure 4a–d, respectively. The EDX maps show matrix phases
enriched with Cr, Fe, Co, and Ni, as well as Cu-rich phases at the phase boundaries with fair amounts
of Ni, and no obvious diffusion occurs in the HEA components after irradiation, implying that the
composition of HEA is stable after irradiation to some extent. Nevertheless, the distribution of the
elements is very homogeneous in both the matrix phases and Cu-rich phases. Moreover, both the
matrix phases and Cu-rich phases consist of only one simple phase, which is consistent with previous
studies [28]. According to Figure 3b–d, when the irradiation dose increases to 5.0 × 1017 ions/cm2,
the volume swelling of the Cu-rich phases markedly increases in severity. Meanwhile, no significant
change is observed in the matrix phases, suggesting the inhomogeneity of radiation resistance on the
surface perpendicular to the ion incident direction. The evolution of volume swelling after irradiation
is discussed in the subsequent section.

Figure 3. SEM images of CoCrFeCuNi HEAs. (a) Pristine and (b–d) He+ ions irradiated at fluences of
2.5 × 1017 ions/cm2, 5.0 × 1017 ions/cm2, and 1.0 × 1018 ions/cm2.
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Table 1. Components of different regions in the microstructure of CoCrFeCuNi HEAs (at. %).

Condition Region Co Cr Fe Cu Ni

Nominal — 20 20 20 20 20

Pristine
Matrix Phase 22.87 ± 0.52 23.08 ± 0.24 22.67 ± 0.46 10.75 ± 0.62 20.46 ± 0.50
Cu-rich Phase 5.60 ± 0.57 6.26 ± 0.85 6.53 ± 0.62 68.86 ± 2.15 12.76 ± 0.48

2.5 × 1017

ions/cm2
Matrix Phase 22.83 ± 0.47 23.41 ± 0.19 22.59 ± 0.32 10.64 ± 0.11 20.38 ± 0.31
Cu-rich Phase 6.29 ± 0.71 7.11 ± 0.49 6.92 ± 0.91 69.39 ± 3.18 10.29 ± 0.62

5.0 × 1017

ions/cm2
Matrix Phase 22.66 ± 0.65 23.23 ± 0.38 23.06 ± 0.43 10.61 ± 0.36 20.43 ± 0.59
Cu-rich Phase 4.69 ± 0.32 5.19 ± 1.24 5.19 ± 0.92 74.09 ± 3.06 10.85 ± 0.72

1.0 × 1018

ions/cm2
Matrix phase 23.55 ± 0.12 23.30 ± 0.18 22.85 ± 0.75 10.68 ± 0.29 19.62 ± 0.61
Cu-rich phase 9.84 ± 0.99 11.33 ± 1.50 11.00 ± 0.92 51.66 ± 3.93 16.19 ± 0.77

Figure 4. Energy-dispersive X-ray spectroscopy (EDX) maps showing elemental distribution of
CoCrFeCuNi HEAs. (a) Pristine and (b–d) He+ ions irradiated at fluences of 2.5 × 1017 ions/cm2,
5.0 × 1017 ions/cm2, and 1.0 × 1018 ions/cm2.

However, at a dose of 1.0 × 1018 ions/cm2, cracking and exfoliation occur, and the subsurface
becomes visible after the surface flakes off. Wei et al. [29] reported a similar occurrence on Cu48Zr48Al4
bulk metallic glass composites induced by He+ ion irradiation at the same dose. When high-energy
He+ ions are bombarded at a target material, most ions take electrons from the matrix to form helium
atoms, which can cause distortion, elastic rebound, and stress in the lattice [30]. With increasing
irradiation fluence, irradiation-induced helium gas pressure develops inside the matrix. At a fluence
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of 1.0 × 1018 ions/cm2, excessive pressure of the helium gas was developed inside the irradiated area,
which eventually led to cracking and exfoliation [31,32], as shown in Figure 3d.

3.3. Mechanical Behavior

A nanoindentation test was conducted to reveal the average microhardness of the HEA surface
and thus investigate the irradiation-induced hardening behavior. Figure 5 shows typical (a) depth
profiles of nanoindentation hardness and (b) dependence of the Hirr/Hunirr ratio on the indentation
depth of pristine and irradiated CoCrFeCuNi HEAs at different irradiation doses. The irradiated
region and substrate region are consistent with the dpa profiles (see Figure 1b). Figure 5a shows that
the pristine samples decrease in hardness with increasing indent depth at the indentation depth of
h > 50 nm. Such depth-dependent hardness behavior is regarded as the indentation size effect (ISE) [33].
By contrast, hardness increases with increasing indent depth at the depth of h < 50 nm is considered as
reverse ISE, which is usually caused by uncertainty factors from the surface and the geometrical shape
of the Berkovich indenter. Therefore, to exclude uncertainty factors from the surface, we ignored the
data in regions shallower than 100 nm in this study. Compared with pristine samples, all irradiated
samples exhibited different degrees of hardening at h > 100 nm. To more clearly characterize the
degree of increment, the dependence of the Hirr/Hunirr ratio on the indentation depth of all samples
is exhibited in Figure 5b. Notably, the normalized nanoindentation hardness reaches a peak with an
increase in indentation depth. The same peak position on all curves is located at a depth of ~146 nm
(the dotted transition line). For the shallower region before the transition line, Hirr/Hunirr increases
with an increase in indentation depth, which is similar to the results for other metals [25] irradiated
with similar ions. However, for the deeper region after the transition line, Hirr/Hunirr decreases with
an increase in indentation depth.

Figure 5. (a) Typical depth profiles of nanoindentation hardness and (b) dependence of the Hirr/Hunirr

ratio on the indentation depth of pristine and He+ ion-irradiated CoCrFeCuNi HEAs at different
irradiation doses.

An irradiation-induced hardened layer forms in the HEAs after He+ ion implantation.
When indented into the sample surface, the hemispheric influence zone beneath the indenter can reach
4 to 10 times the indentation depth. As the indenter presses deeper, if the radius of the influence zone
is less than the thickness of the hardened layer, the damage grade effect is exerted, and the hardening
ratio increases; otherwise the softer substrate effect is exerted, and the hardening ratio decreases [34].
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To explain the ISE, Nix and Gao [35] developed a model based on the concept of geometrically
necessary dislocations. This model predicts the hardness-depth profile by using the following equation.

H = H0

(
1 +

h∗

h

)1/2
, (3)

where H is the hardness, h is the indentation depth, H0 is the hardness at an infinite depth (i.e.,
macroscopic hardness), and h* is the length that characterizes the depth dependence of hardness for a
given material and indenter geometry, which depends on the material and shape of the indenter tip
(i.e., statistically stored dislocation density) [36]. To aid the discussion, the hardness data are plotted as
H2 versus 1/h in Figure 6. H0 is the square root of the intercept for the linear fitting of the hardness
data in the near-surface region. The value of H0 excludes the size effect and can be used as a parameter
to characterize the hardening effect in HEAs under irradiation.

 
Figure 6. Plot of H2 versus 1/h for the pristine and irradiated HEAs at different doses.

In Figure 6, the pristine sample shows good linearity in the range of 100 nm < h < 1000 nm.
Regardless, the irradiated samples exhibit bilinearity with a shoulder at the depth of about 150 nm
consisting of the depth of the transition line, (see Figure 6). Table 2 lists H0 and h* for the pristine
samples and irradiated samples calculated by least squares fitting of hardness data in the 100 nm < h <
1000 nm range according to Equation (3) [37].

Table 2. Calculated H0 and h* based on the Nix–Gao model.

Materials Irradiation Doses (ions/cm2) H0 (GPa) h* (nm)

CoCrCuFeNi HEAs

0 1.948 902
2.5 × 1017 4.779 152
5.0 × 1017 5.063 137
1.0 × 1018 3.934 130

The data in Table 2 shows that the calculated H0 first increases and then decreases with
an increase in irradiation dose, which is consistent with the hardness results. The calculated h*

decreases systematically, implying a smaller size effect during irradiation, which is consistent with
previous studies [37].

4. Discussion

The schematic in Figure 7 illustrates the swelling effect, as well as the hardening behavior,
of Cu-rich phases during He+ irradiation. With regard to the formation of He bubbles, nuclear
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loss-induced collisional damage, such as dislocations, voids, and interfaces, act as sinks for point
defects. Dislocations can partly absorb more interstitials than vacancies. A large number of vacancies
are consequently generated in the HEAs, and vacancy clusters grow and trap He to form He bubbles.
For CoCrFeCuNi HEA, the Cu-rich phases appeared as defect-rich phase boundary regions in the
matrix phases, similar to grain boundary, which are also favorable nucleation sites of He bubbles [38].
With the ion dose increasing to 5.0 × 1017 ions/cm2, the He concentration increasingly rises and reaches
near-saturation [39] in the matrix phases. Thus, He bubbles tend to migrate and gather toward the
Cu-rich phases, resulting in the increased severity of volume swelling, as shown in Figure 7. We also
reported that the irradiation response is inhomogeneous along the ion incident direction because of a
perpendicular local shear stress [40]. Cu-rich phases may act as local low-stress regions because of
the more loosely packed He atoms. He bubbles may thus preferentially migrate toward the Cu-rich
phases to unload the stress, resulting in the increased severity of volume swelling [41,42]. This factor
can be potentially influence the volume swelling of Cu-rich phases.

 
Figure 7. Schematic of radiation response in CoCrFeCuNi HEAs.

At ion doses ranging from 2.5 × 1017 ions/cm2 to 5.0 × 1017 ions/cm2, HEAs exhibit marked
hardening behavior, which can be attributed to obstacles to dislocation glide, proposed by Orowan
and Seeger [43,44]. In general, irradiation-induced defect clusters and/or dislocation loops, as well as
He bubbles, pin dislocation lines and impede dislocation glide, causing HEAs to harden [45]. However,
as previously mentioned, as the irradiation dose increases, numerous He bubbles migrate and gather
toward the Cu-rich phases to form cavities, which may induce swelling and softening of the Cu-rich
phases. While the irradiation-induced dislocations continue to increase in the matrix phases, the overall
result for the HEA ultimately reflects the hardening effect.

When the ion dose increases to 1.0 × 1018 ions/cm2, the hardness of the HEA slightly decreases.
To avoid surface irregular interference, we selected the flatter subsurface for hardness testing.
Consistent with the SEM micrograph in Figure 3d, at the highest dose, the uncovering of the subsurface
after exfoliation corresponds to a new irradiation plane, except that it is only affected by diminished
irradiation effects, and therefore the hardness decreases. In addition, recovery [46–48] might occur
during irradiation. The thermal-spike effect during long-term irradiation can lead to annealing of
defects and annihilation of helium bubbles, thus reducing the hardening effect. We hypothesize that the
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weakened irradiation effect on the uncovering subsurface, combined with recovery, causes softening
of the HEA.

5. Conclusions

CoCrFeCuNi HEAs prepared by arc melting were irradiated with a 100 keV He+ ion beam at
fluences of 2.5 × 1017 ions/cm2, 5.0 × 1017 ions/cm2, and 1.0 × 1018 ions/cm2 at room temperature.
XRD results proved that all diffraction peak intensities along the (111), (200), and (220) lattice planes
decreased regularly, indicating that the irradiated layer was filled with voids, leading to a decrease
in crystallinity. When the irradiation dose increased to 5.0 × 1017 ions/cm2, the irradiation-induced
swelling became increasingly severe in the Cu-rich phases, whereas no significant change occurred
in the matrix phases. This difference suggested that the degree of swelling varied between the
two phases under the same irradiation condition. This finding contributed to the migration
and gathering of the He bubble-induced noncompact structure and the lateral inhomogeneity
of radiation damage. At a higher dose, 1.0 × 1018 ions/cm2, cracking and exfoliation occurred
revealing the subsurface after the surface flaked off mainly from the excessive pressure of the He
gas. Nanoindentaion was performed to indicate that hardening induced by He+ ion irradiation
occurred in both irradiated samples. The depth-dependent hardness behavior was explained by the
Nix-Gao model. At ion doses of 2.5 × 1017 ions/cm2 and 5.0 × 1017 ions/cm2, the HEAs exhibited
an obvious hardening behavior, which can be explained by dislocation-dominated hardening effect.
When the ion dose reached 1.0 × 1018 ions/cm2, the hardening effect decreased probably because of the
weakened irradiation effect on the uncovered subsurface, combined with the long-term thermal-spike
effect-induced recovery.
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