
﻿M
echanical Properties in Progressive M

echanically Processed M
etallic M

aterials   •   Radim
 Kocich and Lenka Kunčická

Mechanical 
Properties in 
Progressive 
Mechanically 
Processed 
Metallic Materials

Printed Edition of the Special Issue Published in Materials

www.mdpi.com/journal/materials

Radim Kocich and Lenka Kunčická 
Edited by



Mechanical Properties in 
Progressive Mechanically 
Processed Metallic Materials





Mechanical Properties in 
Progressive Mechanically 
Processed Metallic Materials

Editors

Radim Kocich

Lenka Kunčická
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Structure Characteristics Affected by Material Plastic Flow in Twist Channel Angular Pressed
Al/Cu Clad Composites
Reprinted from: Materials 2020, 13, 4161, doi:10.3390/ma13184161 . . . . . . . . . . . . . . . . . . 19

Long Zhao, Xiangru Chen, Tieming Wu and Qijie Zhai

Study on Strengthening Mechanism of 9Cr-1.5Mo-1Co and 9Cr-3W-3Co Heat Resistant Steels
Reprinted from: Materials 2020, 13, 4340, doi:10.3390/ma13194340 . . . . . . . . . . . . . . . . . . 35
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Strain Range Dependent Cyclic Hardening of 08Ch18N10T Stainless Steel—Experiments and
Simulations
Reprinted from: Materials 2019, 12, 4243, doi:10.3390/ma12244243 . . . . . . . . . . . . . . . . . . 71
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Abstract: The research and development of modern metallic materials imparts not only the
introduction of innovative alloys and compounds, but also the increasing lifetime of existing
materials via optimized deformation processing. Among the essential features of progressive metallic
materials used for modern applications are enhanced mechanical properties, but also other high-level
functional characteristics, such as thermal–physical parameters, corrosion rate, and electric resistance.
The properties of materials and alloys ensue from their structures, which can primarily be affected
by the preparation/production process. The Special Issue “Mechanical Properties in Progressive
Mechanically Processed Metallic Materials” was established to present recent developments and
innovations particularly in the engineering field. The Special Issue comprises papers dealing with
modern materials, such as metallic composites and pseudoalloys, as well as developments in various
processing technologies.

Keywords: mechanical properties; functional properties; metallic systems; mechanical processing;
structural phenomena

The demands on innovative materials given by the ever-increasing requirements of contemporary
industry impart the usage of high-performance engineering materials, among the most innovative
ones are multicomponent materials, such as gradient structures and composites, which are able
to satisfy top-level individual requirements through the possibility to benefit from the advantages
of all their components. The Special Issue contains two papers dealing with the preparation of
modern aluminum/copper electro-conductive clad composites. One of the papers primarily focuses on
numerical prediction and experimental evaluation of the deformation behavior of both the component
metals during processing [1], whereas the other is a thorough study of the internal structure, texture
in particular, of the reinforcing wires [2]. The composites are prepared via the innovative method of
severe plastic deformation (SPD) of twist channel angular pressing (TCAP), the thorough review of
which is performed in another paper [3].

Among the possible ways of how to effectively increase the utility properties of metallic materials
is to decrease their grain size. In addition to using the SPD methods based on imposing severe
shear strain resulting in grain refinement introducing enhancement of numerous properties, powder
metallurgy can be applied to provide powders featuring fine grain sizes at the very beginning of
the production process. The paper by K. Dvořák et al. [4] presents the possibility of using modern
disintegrators to prepare fine powder particles. Several papers published within the Special Issue
then deal with processing of metallic powders—assessing and optimizing the processing conditions
and evaluating various phenomena of the final products. The paper by J. Málek et al. [5] deals with
the effects of the selected processing route on the properties of a biocompatible HfNbTaTiZr high
entropy alloy (HEA), for the specific advantageous properties of HEAs have been within the focus of

Materials 2020, 13, 4668; doi:10.3390/ma13204668 www.mdpi.com/journal/materials1
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researchers for the last few decades, whereas other researchers focused on a WNiCo tungsten heavy
alloy, from evaluating and optimizing the sintering conditions for the initial powders [6], through
numerical simulation of deformation behavior during plastic deformation processing [7], to thorough
investigation of structural phenomena, such as microstrains and residual stress [8].

The introduction of thermomechanical treatment represented a breakthrough in grain refinement,
consequently leading to significant improvement of the mechanical properties of metallic materials.
Contrary to conventional production technologies, the main advantage of such treatment is the
possibility to precisely control structural phenomena, including grain size, substructure development,
texture, and volumes and types of grains boundaries, all of which affect the final mechanical and
utility properties. The strengthening mechanisms in modern high-temperature resistant alloyed steels
after heat treatment were studied by L. Zhao et al. [9], while A. Olina et al. [10] investigated the
occurrence of retained austenite in a fine-grained spring steel processed via thermomechanical rolling.
J. Fumfera et al. [11] then numerically and experimentally evaluated the cyclic hardening behavior in
dependence with the strain range for a 08Ch18N10T austenitic stainless steel.

Last but not least, the semi-products fabricated from modern materials have to be finished to
reach their final shapes and forms, which can be a challenge considering their enhanced properties and
unique structures. Nevertheless, there are cutting and shaping methods that can be advantageously
used for these purposes. The well-known machining process is suitable for the finishing of numerous
products; however, the process introduces micro-deformations to the materials being processed and
this factor should be considered as it can alter the lifetime and properties of the final product [12].
Additionally, for this reason, the abrasive water jet cutting technology can be considered as very
favorable for cutting and shaping modern materials [13,14].

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Kocich, R. Deformation Behavior of Al/Cu Clad Composite during Twist Channel Angular Pressing. Materials
2020, 13, 4047. [CrossRef] [PubMed]
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13. Hlaváč, L.M.; Štefek, A.; Tyč, M.; Krajcarz, D. Influence of Material Structure on Forces Measured during
Abrasive Waterjet (AWJ) Machining. Materials 2020, 13, 3878. [CrossRef] [PubMed]
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Deformation Behavior of Al/Cu Clad Composite
During Twist Channel Angular Pressing

Radim Kocich
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Received: 4 August 2020; Accepted: 10 September 2020; Published: 11 September 2020

Abstract: The research and development of modern metallic materials goes hand in hand with
increasing their lifetime via optimized deformation processing. The presented work deals with
preparation of an Al/Cu clad composite with implemented reinforcing Cu wires by the method of
twist channel angular pressing (TCAP). Single and double pass extrusion of the clad composite was
simulated numerically and carried out experimentally. This work is unique as no such study has
been presented so far. Detailed monitoring of the deformation behavior during both the passes
was enabled by superimposed grids and sensors. Both the sets of results revealed that already the
single pass imparted significant effective strain (higher than e.g., conventional equal channel angular
pressing (ECAP)), especially to the Al matrix, and resulted in notable deformation strengthening
of both the Al and Cu composite components, which was confirmed by the increased punch load
and decreased plastic flow velocity (second pass compared to first pass). Processing via the second
pass also resulted in homogenization of the imposed strain and residual stress across the composite
cross-section. However, the investigated parameters featured slight variations in dependence on the
monitored location across the cross-section.

Keywords: clad composite; rotary swaging; finite element analysis; effective strain; residual stress

1. Introduction

As regards to intensive plastic deformation processing, the main focus has been on conventional
Fe-based materials, although non-ferrous metals are given attention, too, primarily due to their wide
applicability in various industrial branches. However, based on the increasing demands of the industry,
the everlasting research of the forming processes increases their applicability also for innovative and
newly developed materials. Nevertheless, the aims of the processing are similar regardless of the used
material: the materials subjected to intensive plastic deformation are prepared to meet high demands,
including the one on having ultra-fine-grained structures (UFG).

Among the preferred methods used to prepare UFG structures within (non)ferrous metals
and alloys are severe plastic deformation (SPD) methods, such as equal channel angular pressing
(ECAP) [1,2], twist channel (multi) angular pressing (TC(M)AP) [3,4], accumulative roll bonding
(ARB) [5], high pressure torsion (HPT) [6], various combinations of torsion and extrusion [7,8], etc.
The materials prepared via such methods typically exhibit very high strength at room temperature,
but only limited plasticity. The decrease in plastic properties in very fine-grained materials is related to
the combination of low deformation strengthening rate, and low value of strain rate sensitivity coefficient
(m). In other words, the high deformation strengthening rate results in accumulation of dislocations
inside the grains, which, in combination with high strain rate sensitivity coefficient m, significantly
suppresses the development of material failure during deformation processing and thus increases
plasticity of the material during forming. Nevertheless, ways how to achieve combinations of high
strength and high plasticity exist; such material behavior is characterized as the strength and ductility

Materials 2020, 13, 4047; doi:10.3390/ma13184047 www.mdpi.com/journal/materials5
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paradox [9]. The methods leading to the achievement of the paradox are: increasing the imposed
strain within UFG materials up to very high values, and performing very short annealing immediately
after the intensive deformation processing. Short-time annealing contributes to ordering of defects
within grain boundaries, which approaches them to the equilibrium state [9,10]. This phenomenon is
crucial to prevent substantial grain growth. In addition, annealing at elevated temperatures imparts
decreasing dislocation density (i.e., dislocations annihilation and rearrangement), which facilitates
effective development and arrangement of new dislocations, contributing to further deformation
strengthening and plasticity increase. Among the first materials, the applicability of the paradox
for which was proven (i.e., which exhibited both high strength and superplastic behavior), was the
Al4Cu0.5Zr alloy processed via SPD [11].

One of the alternative approaches for achieving favorable combinations of mechanic, electric,
or magnetic properties is also preparation of composite materials, among the individual types of
which are clad composites [12,13]. Various methods of preparation of the composites, as well as
numerous bi-metallic and multi-metallic systems of clad composites, have been reported [14–17].
However, the majority of the available works focuses on the Cu/Al system. This particular combination
of metals exhibits high thermal and electric conductivity (primarily provided by Cu), low density
(primarily provided by Al), and the advantage of lower price when compared to single Cu [18–22].
The early researched methods of their preparation were based on bonding under elevated temperatures,
e.g., explosive welding [23]. However, such technologies feature heat development during processing
and are disadvantageous from the viewpoint of the possible introduction of local structure changes
and formation of intermetallic phases negatively affecting not only the mechanic, but also utility
properties of the produced clad composite. Moreover, the applicability of such production methods is
limited since, if applied for thin sheaths and small billets, the heat-affected region could comprise the
entire product.

The methods based on deformation processing, which have so far been applied to prepare clad
composites, are e.g., rolling and related methods such as accumulative roll bonding [24] and asymmetrical
rolling [25], drawing [26], forward extrusion [27], rotary swaging [28], HPT [29], ECAP [30], and their
combinations [31]. The performed experiments revealed that the application of SPD methods leads to a
favorable increase in the final utility properties of the produced clad composites. Among the examples
is e.g., the Al-Cu system; an Al-Cu composite sheet was reported to be up to 60% lighter and 30–40%
cheaper than an identical sheet fabricated from Cu while maintaining comparable thermal and electric
conductivity [32]. Moreover, from the viewpoint of mechanical properties, an Al-Cu clad composite
can exhibit far higher fracture toughness than the individual metals [33]. Nevertheless, only limited
attention has been given to preparation of clad composites via ECAP and ECAP-based methods.

The presented report comprises a detailed study characterizing the deformation behavior of an
Al-Cu clad composite during the TCAP process, which enables to impose higher values of effective strain
during each pass when compared to conventional ECAP (previous studies dealing with processing of
single-phase CP Al billets documented the effectivity of a single pass TCAP to be higher than even
double pass ECAP [3,34]). The study features finite element numerical analysis supplemented with
results acquired from real experiments consisting of single and double pass extrusion of the designed
clad composite (Al sheath with reinforcing Cu wires) via experimental TCAP die (refer to Section 2
for more detailed information). The main focus is on the development of deformation parameters
of both the component metals during repeated plastic deformation, as well as on the development
of their mechanical properties. Besides, the study is supplemented with characterization of material
plastic flow directly influencing the localization and distribution of the effective imposed strain and
residual stress.

2. Materials and Methods

The aim of the work was to provide a detailed characterization of the effects of TCAP (twist
channel angular pressing) processing on the Al/Cu clad composite (Figure 1).
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Figure 1. Schematic depiction of manufacturing Al/Cu composite by TCAP.

Since the work is unique, as this method has not been used before to process any composite material,
the study does not only involve the experimental work, but also numerical analysis. The composite
billet consisted of Al sheath and reinforcing Cu wires (Figure 1), and was processed via two subsequent
TCAP passes with the selected deformation route Bc. The deformation route was based on the Bc
deformation route known from conventional ECAP, i.e., the composite billet was subjected to +90◦
rotation before the second pass [35,36]. However, due to the implemented twist, the effects of the
deformation route on the billet, moreover a composite one, are expected to be different than those of
conventional ECAP. Among the selected investigated structure characteristics and development of
mechanical properties, we also investigated selected processing parameters, such as the necessary
punch load, values and distributions of the imposed strain, and residual stress.

The first part of the study deals with numerical analysis of extrusion of the clad composite via
both the subsequent TCAP passes; the deformation behavior of the composite during processing was
studied using Forge NxT commercial software. The simulations were assembled with a model and the
geometrical dimensions and mechanical properties of the dies and billet in which were identical to the
experimental parameters, which enabled subsequent direct comparison of the predicted results with
the experimental ones. The extrusion was carried out on a hydraulic press with the use of MoS2 as the
lubricant, at the room temperature of approx. 25 ◦C and extrusion rate of 5 mm s−1. The friction was
in the simulation determined by the Coulomb friction with the values of μ = 0.02. The values of the
mentioned boundary conditions were selected based on the results previously acquired within the
study mutual comparison of predicted and experimentally acquired values in which was successfully
performed [35]. The geometry of the die used in the simulation was defined by the following angles:
ω = 90◦ (twist rotation angle), ϕ = 90◦ (channel bending angle), β = 40◦ (twist slope angle), ψ = 20◦
(angle of the arc of curvature in which the two channels intersect) (Figure 1).

The second part of the study deals with practical realization of the multiple TCAP process.
The selected materials were commercially pure Cu (99.97%) with the chemical composition of 0.0074 Ni,
0.0058Sn, 0.0030Zn, 0.0031Fe, 0.0023Si, bal. Cu (in wt.%), and commercially pure Al (99.97%) with the
chemical composition of 0.125Fe, 0.10Si, 0.020Cu, 0.020Zn, 0.015Mg, 0.015Mn, 0.015Ti, bal. Al (in wt.%).
Before completing the composite, both the component metals were pre-annealed in a furnace at 500 ◦C
for 30 min. The dimensions of the samples prepared for extrusion were matching the parameters given
in the simulation, i.e., square 12 mm × 12 mm cross-section and 130 mm length.

The structure analyses of the extruded clad composite samples were performed via the electron
backscatter diffraction (EBSD) method (scanning electron microscopy (SEM)). Preparations of the
samples for the analyses were carried out by grinding on SiC papers and final electrolytic polishing.
SEM investigations were done using a Tescan Lyra 3 FIB/SEM microscope equipped with a NordlysNano
EBSD camera (Oxford Instruments, Abingdon-on-Thames, Great Britain). The EBSD scans were
acquired on samples tilted by 70◦ with the steps of 50 nm and the accelerating voltage of 20 kV.
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To enable comparison with the predicted results, the presence of residual stress in the structures of
the extruded billets was evaluated by analyzing the internal grains misorientations in the rainbow
color scheme in the scale from 0◦ (negligible presence of residual stress), to 15◦ (occurrence of residual
stress). Overall structure scan of the cross-section of the final extruded billet was performed on the
polished sample using the OLYMPUS DSX1000 digital microscope (Shinjuku, Tokyo, Japan).

Last but not least, the mechanical properties of the composites were investigated via microhardness
measurement performed on transversal cross-sectional cuts using a Zwick/Roell testing machine
(Zwick/Roell, Ulm, Germany). The applied load was 200 g, and the loading time per indent was 10 s.

Numerical Simulation

The deformation behavior of both the component metals was predicted with the use of an
elastic-plastic model defined via the Newton–Raphson convergent algorithm. The mesh of the clad
composite billet consisted of 215,871 nodes. The billet was meshed with tetrahedral elements, whereas
both the extruder and die were considered as rigid parts. Since severe shear deformations were
expected to occur during the simulation, automatic re-meshing was activated. The stress-strain curves,
depicted in Figure 2a, acquired for the experimentally used materials were determined on the basis of
torsion tests performed using SETARAM, a servo-hydraulic torsion plastometer, at room temperature
with the strain rates of 0.1 and 1 s−1.

 
(a) 

 
(b) 

Figure 2. Stress-strain curves used for FEM (finite element method) computations (a); placement of
analyzed sections within extruded composite (b).

The experimentally acquired stress-strain data were entered into the material flow stress database of
the computational software. The Haensel–Spittel equation (Equation (1)) was then used to characterize
material behavior during deformation processing:

σ f = Aem1TTm8εm2em4/ε(1 + ε)m5Tem6ε .
ε

m3 .
ε

m7T (1)

where ε is the equivalent von Mises strain, T is the temperature,
.
ε is the equivalent von Mises strain rate,

and A, m1, m2, m3, m4, m5, m6, m7, m8, and m9 are regression coefficients. The values of the individual
coefficients for Cu are, respectively, 411.19 MPa, −0.00121, 0.21554, 0.01472, −0.00935, and m5 ÷ m8 are
0. The values of the individual coefficients for Al are, respectively, 151.323 MPa, −0.00253, 0.21142,
0.03177, −0.00654, m5÷m8 are 0.

The boundary conditions defined in the simulation were the temperature of 25 ◦C, and the values
of parameters describing the temperature behavior of aluminum and copper, i.e., Young’s modulus,
Poisson’s ratio, thermal expansion, thermal conductivity, heat transfer coefficient, specific heat,
emissivity, and density. The parameters were defined for Al as the constants of 72 (GPa), 0.3,
2.4 × 10−5 (K−1), 250 (W/(mK)), 1230 (J/kgK) 0.03 and 2800 (kg/m3), and for Cu as 111 (GPa), 0.3,
1.7 × 10−5 (K−1), 394 (W/(m K)), 100,000 (W/m2 K), 398 (J/kg K), 0.7, and 8960 (kg/m3).
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In order to provide more specific characterization of the material plastic flow of both the composite
components, a monitoring grid was superimposed through the billet being extruded, perpendicularly
to the longitudinal axis of the composite (Figure 2b). The deformation behavior of the composite was
monitored via four individual monitoring sensors localized within the superimposed grid (sensors 1–4,
see Figure 2b). To enable detailed evaluation of the monitored phenomena, the superimposed grid
was designed with very small square cells (0.1 × 0.1 mm). The purpose of this grid was to provide
the possibility to characterize the influence of different plastic flows of the individual component
metals on the development of temperature and its magnitude during processing, the development
of the effective imposed strain and its (in)homogeneity across the billet cross-section, as well as the
values and localization of residual stress. This research method is effective for characterization of the
influences of the individual deformation zones within the die on the processed material.

3. Results

3.1. Temperature Development and Imposed Strain

As documented by the predicted results, the component metals exhibited differences in their
behaviors during plastic deformation. The imposed strain is an important factor, the distribution of
which non-negligibly influences also the distribution of temperature. However, for the Al/Cu clad
composite, the temperature development was affected not only by the particular component metal,
but also by the localization of the individual monitoring sensor in the deformation zones (Figure 3).

(a) 
 

(b) 

Figure 3. Development of temperature during: first pass (a); second pass (b).

The maximum value of temperature was detected in the main deformation zone (MDZ) for both
the passes (see the detail in Figure 3). As documented by the temperature-time dependences for the
monitored sensors, the maximum temperature value was approx. 50% higher than the average processing
temperature during the first pass (Figure 3a). However, during the second pass, the maximum temperature
increased up to ~37 ◦C (Figure 3b). The increase in the maximum temperature during the second pass
can primarily be attributed to the effect of plastic deformation, i.e., deformation strengthening, of the
Cu wires featuring higher flow stress than the Al sheath [37].

The occurring migration of the maximum temperature value is an intriguing phenomenon;
whereas sensor 1 exhibited the maximum temperature during the first pass, sensor 4 exhibited the
maximum temperature during the second pass (Figure 3a,b). This phenomenon was related to the
applied deformation route Bc. In other words, the maximum temperatures occurred in the upper half
of the cross-section of the extruded billet for both the passes, since the quicker plastic flow occurring
in this region imparts the most intense shear. While sensors 1 and 2 were localized within the upper
half of the cross-section during the first pass, during the second pass, as the result of the 180◦ rotation,
sensor 4 was localized in the upper half of the billet cross-section.

By the effect of the inserted Cu wires, the effective strain was high also along the cross-sectional
diagonals, although the wires themselves were not substantially affected by the imposed strain.
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The development of distribution of the imposed strain was rather complicated, since it was influenced
by multiple factors. During the first pass, the twist deformation zone (TDZ) of the die affected primarily
the corner areas of the extruded composite (Figure 4a) (except at mutual Al/Cu interfaces).

 
(a) 

 
(b) 

Figure 4. Effective imposed strain during: first pass (a); second pass (b).

The effect of the imposed strain on the Cu wires started to be evident after passing through
the MDZ. As can be seen in Figure 4a, contrary to the Cu wires, the Al sheath exhibited more
or less homogeneous distribution of high values (~2.5) of the effective strain after the first pass.
The significantly lower effective strain values occurring within the Cu wires were caused by the minor
influence of the TDZ on the wires; the strain gradient occurring between the Al sheath and Cu wires
could not be completely eliminated during subsequent passing through the MDZ. On the other hand,
the significant increase in the values of the imposed strain within the Cu wires occurring after passing
through the MDZ points to the non-negligible deformation effect of this zone on both the composite
components. The favorable combination of both the deformation zones within the die thus finally
contributed to the more or less homogeneous distribution of the effective imposed strain throughout
the composite cross-section after the second pass.

The imposed strain development was different during the second TCAP pass, the deformation
effect of the TDZ during which was more notable than during the first pass. The predicted differences
in the values of the imposed strain across the Al sheath cross-section were significantly lower,
i.e., homogenization of the distribution of the effective strain occurred (Figure 4b). After passing
through the MDZ, the Al sheath evidently exhibited increase in the values of the homogeneously
distributed imposed strain (~5), whereas the Cu wires exhibited notable homogenization of the effective
strain distribution (rather than significant increase in the imposed strain values).

As demonstrated by the predicted developments of the effective strain values in the individual
monitored sensors within the composite, the developments of the imposed strain exhibited differences
related to the individual component metal (similar to temperature behavior, see Figure 3a,b). During the
first TCAP pass, the maximum values of the imposed strain were detected in sensor 4, i.e., in the Al
sheath (Figure 5a).

(a) 
 

(b) 

Figure 5. Imposed strain in individual sensors during: first pass (a); second pass (b).
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The significant differences in the values of the imposed strain between the Al sheath and Cu
wires originated primarily in the variations in the plastic flow intensity of both the component metals
(Section 3.2).

Whereas during the first pass, the most significant effect on the imposed strain could be observed
for the TDZ (jump increase in the imposed strain values were evident especially in sensors 1 and 4,
see Figure 5a), during the second pass, the imposed strain in the monitored sensors exhibited gradual
increasing (Figure 5b). This phenomenon was most probably related to the deformation strengthening
of both the metals occurring during the first pass, by the effect of which the Al sheath became more
effective transmitter of the imposed strain, which gradually diminished the differences in the values of
the imposed strain within the individual wires. The predicted results showed that the second pass
resulted in significant increase and homogenization in the imposed strain values, based on previous
deformation strengthening. The Al sheath, being more susceptible to the imposed strain and thus
exhibiting more intense plastic flow, featured higher effective strain values than the Cu wires. On the
other hand, the differences in the values of the imposed strain between the individual Cu wires resulted
from their localization. The most intense shear within the Cu was detected in sensor 1, i.e., in the
upper half of the extruded composite.

The effective strain in sensors 2 and 3 exhibited relatively rapid increases in their developments
during the second pass (Figure 5b). Whereas for sensor 3, this increase originated from its relocation
caused by the selected deformation route, for sensor 2, this increase originated most probably from
the occurring strengthening of the Al sheath in its vicinity. For the first pass, the moment in which
the monitored sensors passed through the MDZ could clearly be identified (Figure 5a—increment
250 featured notable imposed strain jump increase). Despite the fact that minor jump increases in the
imposed strain could be detected also during the second pass, their values were lower than during the
first pass. On the contrary, most of the monitored locations (especially the Cu wires) exhibited gradual
increases in the imposed strain.

3.2. Plastic Flow

Monitoring of the plastic flow behavior enabled detailed characterization of the influences of both
the deformation zones on the extruded composite; their effects on the effective imposed strain were not
identical, however, both the sections influenced non-negligibly not only the values of the imposed
strain, but also its distribution. Already during the first TCAP pass, the TDZ evidently affected not
only the (sub)surface, but also the axial region of the extruded composite (Figure 6a).

 
(a) 

 
(b) 

 
(c) 

Figure 6. Material plastic flow of Al/Cu composite during: first pass (a), second pass (b); optical
microscopy image of cross-sectional cut through billet extruded via two passes (c).

The effects of the TDZ were evident also on the Al/Cu interfaces, the superimposed grids at which
exhibited evident serrations originating from rotations of the clad composite. Moreover, the original
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monitoring plane exhibited deformation in the extrusion direction. In other words, the deformations
of the individual cells of the superimposed grid were not only caused by the tangential plastic flow,
but also by its axial component which became dominant after passing through the MDZ (Figure 6a).
The prediction thus revealed that significant plastic flow occurred within virtually all the regions of the
Al sheath already during the first TCAP pass. On the other hand, the material flow in the upper half
of the Al sheath was dominant. Together, with the significantly slower plastic flow of the axial Cu
wire (decelerating effect), this phenomenon resulted in more intense slipping of both the metals in this
region, and consequently in inhomogeneous distribution of the imposed strain, especially across the
cross-sections of the Cu wires (as also confirmed by Figures 4a and 5a).

The cells of the superimposed grid, heavily deformed during the first pass, were subsequently
deformed even more during the second pass. The effect of the previous deformation strengthening
contributed to relatively uniform deformation of the entire superimposed grid; this was observed
also for the Cu wires, the plastic flow of which was supported by the substantial plastic deformation
introduced to the Al sheath. The second pass also resulted in full bonding of both the components,
as can be seen in the optical microscopy scan of a cross-sectional cut through the extruded billet in
Figure 6c; the metals did not exhibit slipping during processing.

The TDZ introduced rotations also during the second pass. However, during this pass, the rotations
affected more intensively the axial region of the composite. Overall rotation of the cross-section of the
billet, by 180◦, was introduced by the selected deformation route Bc, which contributed to substantial
reduction of the gradient of the imposed strain across the Cu wires cross-sections. This was also
confirmed by the plastic behavior of the superimposed grid, the typical skewness of the cells of which
reduced after passing through the MDZ (when compared to the first pass), as well as by the overall
velocities of the plastic flow in the individual monitored sensors depicted in Figure 7a,b for the first
and second TCAP pass, respectively.

(a) 
(b) 

Figure 7. Development of plastic flow velocity during: first pass (a); second pass (b).

The graphical dependencies in Figure 7a,b depict the velocities of movement of the individual
sensors in the monitored plane in relation to the extrusion direction (i.e., axis of the horizontal channel).
The sensors enabled monitoring of the values and vectors of plastic flow velocities in the individual
locations of the composite during the entire extrusion. As can be seen, passing of the composite
through the TDZ caused reversion of the vector of plastic flow velocity for all the sensors during both,
the first and second pass (Figure 7a,b). In other words, the negative values of velocity demonstrate
the period of extrusion of the monitored volume of the material (i.e., the monitored sensor) in which
reversed against the horizontal extrusion direction. Intriguing was also the notable decrease in the
overall plastic flow velocities of the composite occurring between the first and second TCAP pass.
This fact can be attributed to the deformation strengthening introduced during the first TCAP pass,
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which resulted not only in the decrease in the values of plastic flow velocity for all the sensors, but also
in reduction of the observed oscillations.

3.3. Residual Stress

The effects of both the TCAP passes on the composite components were different from the
viewpoint of residual stress. The composite exhibited prevailing tensile stress during the first pass
though the TDZ. This phenomenon can be attributed to two main factors, the first one of which was the
rotational movement of the Al sheath, the intensity of which decreased towards the axial region of the
billet. The second factor was the dominant plastic flow occurring in the axial region of the composite
(see Figure 6a). As the result of these factors, the maximum values of tensile stress were detected in the
peripheral regions of the Cu wires (Figure 8a) after the first pass through the TDZ.

(a) 
 

(b) 

Figure 8. Distribution of residual stress during: first pass (a); second pass (b).

The stress state within the composite changed after passing through the channel bending,
i.e., the MDZ. However, the stress character changed gradually from dominant tensile stress to
dominant compressive stress during passing through the channel zone between the TDZ and MDZ
due to the increasing resistance against the plastic flow caused by gradual filling of the MDZ (and the
horizontal channel part) with the composite material. Behind the MDZ, the stress character changed
again as axial differences in the plastic flows in different composite regions started to be notable.
As evident from Figure 8a, the Cu wires in the extruded billet predominantly exhibited tensile stress,
whereas the Al sheath in the extruded billet primarily featured compressive stress.

The development of residual stress was different during the second pass. The Cu wires featured
local presence of tensile stress before entering the MDZ also during the second pass. On the other
hand, the Al sheath exhibited predominant occurrence of compressive stress from the very beginning
of extrusion. With continuing filling of the MDZ, the tensile stress within the Cu wires gradually
transformed to compressive stress (Figure 8b); the gradual changing of the stress character was observed
between the individual deformation zones, similarly to the first pass. After passing through the MDZ,
homogenization of stress within both the Al sheath and Cu wires occurred. Nevertheless, the stress
development was opposite for both the materials. Whereas the Cu wires featured gradual increase and,
at the same time, homogenization of tensile stress, the Al sheath featured gradual homogenization of
compressive stress. Contrary to the first TCAP pass, the occurring homogenization of stress decreased
the overall stress gradient for both the component metals. Among the primary causes of this behavior
was the occurrence of vortex-like flow within the Al sheath during extrusion [35]. In other words,
the supplementary twist zone (compared to conventional ECAP) contributed to homogenization of
the stress distribution throughout the composite cross-section. Indisputable influence had also the
selected deformation route.

Experimental verification of the predicted data was performed via analyses of internal grains
misorientations within both the components of the billet extruded via two consequent TCAP passes.
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The results of the analyses for the peripheral Cu wire of the billets extruded via single and double
TCAP pass are depicted in Figure 9a,b, respectively.

 
(a) 

 
(b) 

Figure 9. Maps of internal grains misorientations indicating residual stress within peripheral Cu wire
of composite billet extruded via: first pass (a); second pass (b).

As can be seen, both the figures feature more or less homogeneous distribution of the areas featuring
high misorientations (i.e., red color), pointing to the presence of residual stress. However, the occurrence
of residual stress was more notable in the structure of the Cu wire from the composite extruded via two
TCAP passes, which is in accordance to the predicted results (Figure 8a,b). In addition, the structure of
the wire extruded via two TCAP passes exhibited finer grains and substructure development imparted
by the severe imposed shear strain (see also Figure 4b).

3.4. Punch Load and Microhardness

The maximum loading force during the first pass reached to 40 kN (Figure 9). Whereas passing
of the billet through the first deformation zone (TDZ) only resulted in a slight increase in the punch
load, passing of the billet through the MDZ led to a significant increase in this parameter; the rapid
increase in the punch load occurring approx. after 7 s of extrusion was followed with a mild linear
increase to the maximum punch load value achieved in the time of extrusion of approx. 15 s. Such a
steep increase in the loading force was most probably related to the increasing flow stress, primarily of
the Cu wires. The subsequent decrease in the punch load after 15 s of extrusion was caused by gradual
emptying of the twist zone of the channel and consequent decrease in friction between the Al sheath
and channel walls.

The development of the punch load during the second TCAP pass featured even steeper increasing
character from the very beginning of extrusion. Such behavior was imparted by two main influencing
factors, both of which affected the development of the punch load during the entire pass. The first
factor was the accumulation of deformation strengthening within both the component metals during
the previous pass. In addition, the strain imposed during the first TCAP pass resulted in the changes
of shapes of the ends of the inserted Cu wires (not shown here), which was the second influencing
factor. In the moment in which the billet entered the twist deformation zone, the previous deformation
strengthening accumulated in the Al sheath, but primarily in the Cu wires, resulted in the increase in
the punch load by up to 50% (when compared to the first pass).

The already mentioned deformation strengthening, contributing also to the notable increase in the
punch load during the second pass, was experimentally observed via microhardness measurements
carried out along the diagonals across the cross-sectional cuts through both the composite billets
(Figure 9b). The initial HV values of the original annealed component metals were 37.4 for Al, and 58.6
for Cu. The microhardness values evidently increased after both, the single and double TCAP pass.
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However, the absolute increase in the HV values was more significant after the first pass. After the
second pass, the increase in the HV values was less notable, however, the Cu wires within the billet
extruded via route Bc exhibited the highest (maximum observed) HV values.

4. Discussion

The study featuring processing of the Al/Cu clad composite via the TCAP method revealed
variations when compared to processing of single-component billets. Firstly, the deformation behavior
of the investigated composite was influenced by the combination of the characteristic properties of both
the component metals. For example, the comparison of the presented results with the results acquired
during studies dealing with processing of single Al [34], or Cu [35], shows different temperature
developments. Combining the Al and Cu within a single billet resulted in inhomogeneous temperature
distribution, primarily due to the higher flow stress and thermo-physical parameters of the Cu wires
(compared to the Al sheath). Moreover, the increase in temperature introduced by the intensive
plastic flow of the Al sheath (especially in locations the vortex-like flow in which occurs [38–40]),
generating heat originated from friction with the die and with the individual wires, should also be
taken into account.

The deformation behavior, especially the effective imposed strain and plastic flow, of the composite
was affected not only by the individual component metals, but also by the deformation zones within
the die and the selected deformation route. Although the effects of the individual deformation zones
on the values of the effective imposed strain are not equal, their mutual effect, which makes TCAP an
advantageous method for processing of multicomponent materials, is non-negligible. Passing of the
composite through the TDZ did not introduce as high strain as passing through the MDZ. The MDZ
primarily influenced the axial region of the extruded billet, whereas in the TDZ, the highest effective
strain values were detected in the (sub)surface regions of the Al sheath. The inter-regions and the
axial region of the billet were more or less affected by the imposed strain in the TDZ, too, but the
values of the imposed strain were significantly lower within the Cu wires. However, as the result of
the variations in the velocities of the axial plastic flow of both the materials in the TDZ, the overall
gradients in the observed parameters between the (sub)surface and axial billet regions were more
or less reduced. In other words, among the main contributions of the TDZ is that it diminishes the
differences between the axial and (sub)surface regions of the extruded composite. Therefore, the TDZ
primarily contributes to homogenization of the imposed strain across the cross-section of the clad
composite (especially the Cu wires).

During TCAP, the locations of the individual Cu wires with respect to the die channel vary,
which is not possible for conventional ECAP [41]. By this reason, the plastic flow of the individual Cu
wires is aggravated/supported during passing through and behind the MDZ. This behavior is closely
related to the observed differences in the effective strain and residual stress values and distributions.
Certain inhomogeneity of the imposed strain across the Cu wires cross-sections was also related to their
orientations in the individual deformation zones during both the TCAP passes. Nevertheless, the final
observed homogeneity of the imposed strain and residual stress was affected positively also by the
applied deformation route (rotation of the billet with respect to the individual deformation zones
resulted in alternation of the Cu wires and suppression of the differences occurring in the deformation
history), as well as by the occurring deformation strengthening, which also affected the mentioned
increase in temperature observed during the second pass.

The time dependence of the punch load featured notable oscillations for both the passes, however,
the oscillations were more intense during the second pass (see Figure 10a).
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(a) (b) 

Figure 10. Material plastic flow of Al/Cu composite during both passes (a); microhardness measured
experimentally across cross-sections of extruded billets (b).

Such serrated development is typically related to plastic flow instability [34,35], which was,
in the presented study, most probably the direct effect of the different deformation strengthening
(plastic flow) of the component metals. This supposition is supported by the fact that the oscillations
were the most notable when the billet was passing through the MDZ, during which mutual slipping
of both the component metals initiated by the differences in their plastic flows was the most intense.
As discussed, the plastic flow of the Al sheath was more intense and the flows of the Cu wires exhibited
localized tendencies to “delay”; this difference was caused by the Cu having higher flow stress than Al.
The presupposition of deformation strengthening of both the component metals was confirmed by the
data acquired from microhardness testing.

5. Conclusions

The presented study documented the results of numerical and experimental analysis of successful
room-temperature preparation of an Al/Cu clad composite by single and double pass of twist channel
angular pressing (TCAP). Both the TCAP passes introduced significant shear strain to the component
metals, as the maximum effective imposed strain reached up to the value of 5 for the Al sheath of the
billet extruded by two passes. The imposed strain contributed to deformation strengthening resulting
not only in the increase in punch load by almost 50% and increase in microhardness up to 130 HV
for the Cu wires, but also in temperature increase during processing. Nevertheless, the processing
temperature was still only ~37 ◦C during the second pass, i.e., the processing conditions were safe from
the viewpoint of introduction of possible structure changes. The results also showed that the processing
via multiple passes increased the bonding quality of both the metals, as both the distributions of the
imposed strain and residual stress homogenized after the second pass, which was ensured by the
favorable combination of twist and bending deformation zones within the single unique die.
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34. Kunčická, L.; Kocich, R.; Král, P.; Pohludka, M.; Marek, M. Effect of strain path on severely deformed
aluminium. Mater. Lett. 2016, 180, 280–283. [CrossRef]
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Lenka Kunčická 1,* and Zuzana Klečková 2
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Abstract: The study focuses on structure analyses, texture analyses in particular, of an Al/Cu clad
composite manufactured by single and double pass of the twist channel angular pressing (TCAP)
method. Microscopic analyses were supplemented with numerical predictions focused on the effective
imposed strain and material plastic flow, and microhardness measurements. Both the TCAP passes
imparted characteristic texture orientations to the reinforcing Cu wires, however, the individual
preferential grains’ orientations throughout the composite differed and depended on the location of
the particular wire within the Al sheath during extrusion, i.e., on the dominant acting strain path.
The second TCAP pass resulted in texture homogenization; all the Cu wires finally exhibited dominant
A fiber shear texture. This finding was in accordance with the homogenization of the imposed strain
predicted after the second TCAP pass. The results also revealed that both the component metals
exhibited significant deformation strengthening (which also caused bending of the ends of the Cu
wires within the Al sheath after extrusion). The average microhardness of the Cu wires after the
second pass reached up to 128 HV, while for the Al sheath the value was 86 HV.

Keywords: clad composite; rotary swaging; finite element analysis; effective strain; residual stress

1. Introduction

Composite materials can generally be characterized as materials consisting of two or more
phases or components featuring different physical and chemical properties, separated by mutual
interfaces [1,2]. The existence of the interfaces differentiates composites from alloys manufactured
conventionally, e.g., by melting and subsequent casting. Combining different metals (featuring
advantageous formability, strength, and thermal and electrical conductivities), possibly with other
materials, such as ceramics (featuring favorable hardness, strength, tolerance to high temperatures,
and low thermal expansion), brings about the possibility to produce composite materials with higher
utility properties than those of numerous single-phase materials and alloys [3,4].

Quite a wide spectrum of composites has been presented so far and their characterization can be
performed according to various criteria. Generally, composites consist of a matrix (i.e., first phase),
and (several) other phase(s), typically added to enhance the mechanical properties of the final product
(i.e., reinforcing phase(s)) [5]. Therefore, composites are usually characterized according to the type of
the reinforcing phase. The first type is composites with continuous reinforcing elements, typically long
fibers, i.e., continuous composites, whereas the second type is composites with discontinuous reinforcing
elements, typically particles, whiskers, short fibers, etc., i.e., discontinuous composites. When compared
to the first type, the second type is advantageous due to its easier and cheaper production and variability
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of the final shape of the product achievable during possible secondary treatment (forging, rolling,
extrusion, severe plastic deformation (SPD) processing, etc.) [6].

Regardless of the type of composite, the grain size and distribution of the reinforcing phase within
the composite have a major influence on the effectivity of enhancement of the mechanical properties.
Similar to conventional materials, among the aims of the production of composite materials is to
acquire homogeneous fine-grained structures with favorable distributions of the reinforcing elements
within the matrices. However, simultaneous achievement of complete consolidation (high quality
bonding of the phases) and an ultra-fine-grained (UFG) structure is a challenge when performed via
conventional methods, such as hot isostatic pressing (HIP) or extrusion of powder-based materials,
and forging of presintered semiproducts [7].

Among the promising methods for the production of UFG composites is powder metallurgy,
which can advantageously be used to fabricate microcomposites and nanocomposites when using
nanopowders (the size of the individual powder particles is up to hundreds of nanometers).
This production method is applicable especially for tiny components for the electrotechnics [8,9].
The main advantage of such composites is negligible final porosity and high quality of bonding of the
individual powder particles. Among the positive aspects of using nanopowders is also the possibility
to apply lower pressures and temperatures during their consolidation/sintering [10], which enables the
application of more or less conventional forming methods for the production of such materials. However,
the works documenting achievement of the required structure refinement or desired redistribution of
the reinforcing elements by conventional forming technologies are scarce (e.g., [11–13]). Nevertheless,
compact composites with negligible porosity and a very fine structure can be fabricated via methods of
intensive plastic deformation enabling significant structure refinement (formation of UFG structure)
without introducing substantial changes in shapes of the processed billets. Intensive shear deformation
imparted by the combination of high pressure and rotary movement processed at room/elevated
temperatures also supports mutual bonding of the used materials [14–17]. The SPD technologies
mostly used to prepare composite materials are the equal channel angular pressing (ECAP) [18–20]
and ECAP-based methods [21,22], high pressure torsion (HPT) [23], and accumulative roll bonding
(ARB) [24]. ECAP and HPT are advantageous for the consolidation of powders, as well as for their
subsequent processing to the final shapes, whereas ARB is especially favorable for enhancing structure
refinement of preconsolidated materials [25], or for the preparation of clad composites [26]; the latter
has been successfully performed also via the repeated folding (RF) process, the fundamentals of which
are similar to ARB [27].

Despite the fact that virtually all the SPD methods are applicable for the preparation of
composites, the (sub)structure development is different for multi-phase materials, and single-phase
ones. For single-phase materials deformed via methods such as ECAP, substructure formation involves
increasing dislocation density and development of cell blocks with large misorientations resulting in
the formation of dislocation cells the size of which typically decreases with increasing imposed strain.
With continuing deformation, such a substructure gradually transforms into a homogeneous structure
featuring fine grains with a high portion (up to 85%) of high angle grain boundaries [28]. The minimum
achievable grain size for single-phase materials deformed by SPD methods is primarily controlled
by the imposed strain, its character (single pass, cyclic, etc.), and processing temperature. On the
other hand, the process of (sub)structure formation within multi-phase materials, i.e., composites,
deformed via SPD methods is different. Generally, the decrease in the grain size is not directly
proportional to the imposed strain; decreasing thickness of the reinforcing component supports a
decrease in the grain size within this component during processing. However, the application of critical
deformation (i.e., imposed strain, the value of which depends on the material) leads to the formation
of amorphous structures and saturated solid solutions, regardless of the used technology [29–32].
Due to the interactions of the individual phases during intensive plastic processing of composites,
the achievable grain size for them is generally smaller than for the original single-phase materials;
SPD methods are applicable for the preparation of nanocomposites with the average grain sizes of
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10 nm [33]. Therefore, the intensive plastic deformation is promising for the preparation of innovative
multi-phase composites with enhanced properties.

A specific type of composite is clad composites (sometimes characterized as layered or hybrid
materials) consisting of two or more different metals bond at mutual interfaces. These materials are
gaining increasing interest in various industrial branches and have been subjects to numerous studies
reporting the application of forming technologies for their preparation, e.g., Al/steel/Al, Ti/Cu, Ti/Al,
and Mg/stainless steel were prepared using conventional rolling [34–36]. Nevertheless, rolling is
usually combined with other processing technologies, as documented, e.g., by the study reporting
the application of explosive bonding and subsequent rolling for the preparation of a Ti/steel clad
composite, combining the excellent strength of steel and corrosion resistance of Ti, for the petrochemical
industry [37]. Given by the positive effects of the different rotation rates of the rolls on the imposed
shear strain, asymmetrical rolling was used to prepare clad composites combining Al and Cu [38,39].

The combination of Al and Cu is specifically favorable since both the metallic components exhibit
excellent electric and heat conductivities. Replacing a portion of Cu by Al results in a material
featuring lighter weight and reduced cost when compared to Cu. Optimized processing of the
composites provides advantageous materials applicable, e.g., in the aerospace and automotive [40,41],
or electrotechnics [42]. Given by the combination of light weight and favorable mechanical properties,
Al/Cu composites are believed to possibly supplement/replace steel in particular applications in vehicles
and aircrafts [41]. The studies documented favorable durability of the Al/Cu clad composites during
dynamic loading (strain rates up to 100 s−1), which can primarily be attributed to the development of
deformation induced twins. The intensive shear strain does not only support grain refinement, but also
introduces friction at mutual interfaces (given by different plastic flows of the component metals),
which consequently generates heat supporting mutual bonding of the metals via atomic diffusion.
Nevertheless, increasing temperature can also result in the formation of interlayers (intermetallics),
which can develop within both, the continuous and discontinuous composites.

Since the conventional forming methods and heat treatments feature certain limitations,
unconventional forming, i.e., via the SPD methods, has become favorable also for the preparation
of clad composites. SPD is beneficial especially from the viewpoint of introducing homogeneous
distribution of secondary particles, as well as grain refinement and possibly UFG structures within the
composite metals. Moreover, the shear strain supports corrupting of possible oxide layers at the surfaces
of the component metals and increases diffusion via introducing lattice defects [43,44]. Numerous
studies have documented substantial enhancement of the final properties of clad composites when
prepared using SPD [16,17,45–47]. Probably the most promising is the HPT method, which successfully
suppresses the development of cracks via applying very high pressures. It also imposes very high strains,
which supports redistribution of secondary particles. For the conventional ECAP technology, the strain
imposed during a single pass can be increased via modifications of the dies, or by implementing
back pressure.

The twist channel angular pressing (TCAP) method combines twist and bend deformation zones
within a single equal channel, which enables to impart a substantial shear strain during a single
pass [48,49]. TCAP has been successfully proven to impart homogeneous UFG structures, and the
effectivity of single pass TCAP has been documented to be higher than double pass ECAP [22,50,51].

Since TCAP has only been used for single-phase materials so far, this study focuses on the
characterization of the grains’ orientations and plastic flow within an Al/Cu clad composite processed
via single and double pass TCAP. Experimental texture analyses are supplemented with numerical
simulations predicting the effective imposed strain values and distribution throughout the extruded
composites, as well as documenting the behavior of the billet during processing, especially the behavior
of the reinforcing Cu wires within the Al sheath. Last but not least, mapping of microhardness
throughout the extruded billets’ cross-sections was performed.
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2. Materials and Methods

The aim of the presented work was to perform detailed characterization of the influences of the
applied TCAP process on the behavior of grains within an Al/Cu clad composite reinforced with Cu
wires. The study primarily involves the experimental double-pass extrusion, and is supplemented with
the numerical prediction of the materials’ behaviors. Schematics of the TCAP process acquired from
the numerical simulation can be seen in Figure 1. The clad composite consisted of an Al sheath and
five reinforcing Cu wires. Both the experimental and numerically simulated billets were processed via
a single pass TCAP, and subsequently via the second pass, deformation route A for which was selected
(i.e., the billet was not rotated between the individual passes—details of the selected deformation route
and strain paths can be found in [52,53]).

 

(a) (b) 

Figure 1. Schematic depiction of twist channel angular pressing (TCAP) processing of the Al/Cu clad
composite (a) and experimental stress–strain data used for numerical simulations (b).

The first part of the study was focused on the practical realization of the TCAP process. The selected
component metals were commercially pure (CP) Cu (99.97%) (Ferona, a.s., Prague, Czech Republic)
with the composition of (in wt %): 0.0074 Ni, 0.0058 Sn, 0.0031 Fe, 0.0030 Zn, 0.0023 Si, and bal. Cu;
and CP Al (99.97%) with the chemical composition of (in wt %): 0.125Fe, 0.020Cu, 0.020Zn, 0.015Mg,
0.015Mn, 0.015Ti, 0.10Si, and bal. Al. Before preparing the composite billet, all the components were
annealed at 500 ◦C for 30 min in an electric furnace. The dimensions of the initial composite billets
were 12 mm × 12 mm (square cross-section) × 130 mm (length). The processing was carried out at
room temperature using a hydraulic press, MoS2 (Ferona, a.s., Prague, Czech Republic) was applied as
the lubricant. The extrusion rate was 5 mm s−1.

The texture analyses of the clad composites processed via the single and double TCAP pass
were performed via the SEM-EBSD method (scanning electron microscopy-electron backscatter
diffraction). The samples for the analyses were prepared by manual grinding on SiC papers and
subsequent manual/electrolytic polishing by a specific procedure developed by Dr. Michal Jambor,
Institute of Physics of Materials, CAS. SEM-EBSD analyses were done using a Tescan Lyra 3 FIB/SEM
microscope equipped with a NordlysNano EBSD detector (Oxford Instruments, Abingdon-on-Thames,
Great Britain). EBSD scanning was carried out with the accelerating voltage of 20 kV and scan steps
of 50 nm. The structure analyses and texture evaluations were performed using AZtecCrystal 1.1
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software, and ATEX software [54]. The mechanical properties of both the extruded composites were
investigated by microhardness measurements on cross-sectional cuts from the billets (perpendicular to
extrusion axis) using a Zwick/Roell testing machine. The indents spacing was 1 mm and the applied
parameters per indent were: load of 200 g and loading time of 10 s. The maps were assembled by the
own script programmed by Adam Weiser, Institute of Physics of Materials, CAS.

The experimental study was supplemented with numerical simulations of the single and double
pass extrusions. The behavior of the composite billet during single and double pass was predicted
using the Forge NxT commercial software by Transvalor implementing the finite element method
(FEM). The geometrical dimensions and mechanical properties in the numerical model corresponded to
the real experimental parameters. The friction was determined as the Coulomb friction (μ = 0.02) and
the boundary conditions specified in Table 1 were defined on the basis of a previously performed study
in which they were experimentally validated [52]. The geometry of the TCAP die used in both the
simulation and experiment was defined by the following angles: ω = 90◦, ϕ = 90◦, β = 40◦, and ψ = 20◦
(twist rotation angle, channel bending angle, twist slope angle, and arc of curvature of channels’
intersection angle, respectively—the angles are described in detail, e.g., in [48,49]). The component
metals were characterized using an elastic–plastic model defined by the Newton–Raphson convergent
algorithm, and the die and extruder were defined as rigid parts. The clad composite billet was meshed
with tetrahedral elements (215, 871 nodes in total), and automatic remeshing was activated since
intensive shear deformations were expected to proceed. The room temperature stress–strain data at
the strain rates of 0.1 and 1 s−1 (see Figure 2) imported into the database of the computational software
was acquired experimentally for both the used composite metals via torsion tests performed using a
servo-hydraulic torsion plastometer (SETARAM). Material behavior was finally determined via the
Hansel–Spittel equation (Equation (1)),

σ f = Aem1TTm8εm2em4/ε(1 + ε)m5Tem6ε .
ε

m3 .
ε

m7T, (1)

where ε is the equivalent strain, T is the temperature,
.
ε is the equivalent strain rate, and A, m1, m2,

m3, m4, m5, m6, m7, m8, and m9 are regression coefficients. The values of the coefficients for Cu were
411.19 MPa, −0.00121, 0.21554, 0.01472, and −0.00935, respectively, and m5 ÷ m8 was 0. The values of
the coefficients for Al were 151.323 MPa, −0.00253, 0.21142, 0.03177, and −0.00654, respectively, and m5

÷ m8 was 0.

Table 1. Defined boundary conditions for component metals.

Property Unit Al Cu

Temperature ◦C 25 25
Young’s modulus GPa 72 111
Poisson coefficient - 0.3 0.3
Thermal expansion K−1 24 × 10−5 1.7 × 10−5

Thermal conductivity (W/(m.K)) 250 394
Specific heat (J.kg−1.K−1) 1230 398
Emissivity - 0.03 0.7

Density (g.cm−3) 2.80 8.96
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(a) 

 
(b) 

Figure 2. Deformation behavior of the extruded billet during: single pass (a) and double pass (b).

3. Results

3.1. Numerically Predicted Plastic Flow and Imposed Strain

The results of the numerical simulation showed that the billets extruded via single and double
pass TCAP exhibited differences in their deformation behaviors, as did both the component metals.
Figure 2a,b shows images from the simulations, the billets extruded via one and two TCAP passes
in which were depicted, respectively. In Figure 2a,b, the Al sheath was visible as a contour so that
the shapes of the Cu wires could clearly be seen. Both the TCAP passes imparted significant plastic
deformation of both the composite components. However, differences between the single and double
pass were observed, especially for the Cu wires.

As can be seen from the prediction, the ends of the Cu wires were bent downwards to the bottom
of the horizontal channel after the single pass (Figure 2a), which originated when passing through
the channel bending, i.e., the main deformation zone (MDZ). Additionally, the two upper wires were
shifted forward after extrusion. This phenomenon can be attributed to the fact that, in the MDZ,
the material plastic flow in the upper cross-sectional region of the composite billet was faster than in its
bottom cross-sectional region. Additionally, the shear strain imposed to the composite in the MDZ was
more significant along the inner periphery of the channel bending than along its outer periphery [55].

After the simulated double pass, the Cu wires were bent towards the side of the horizontal channel
(Figure 2b). This can primarily be attributed to the selected deformation route (A, see Section 2 and
references. [52,53]), which involved no rotation between the passes. By the effect of the presence of the
twist deformation zone (TDZ), the locations of the four peripheral Cu wires changed during the second
extrusion, i.e., the billet cross-section rotated by 90◦ compared to the cross-section of the billet extruded
via a single pass. In other words, the Cu wire located in the upper left corner of the composite after the
first pass shifted to the bottom left corner after the second pass, etc.

The development of the imposed effective strain during a TCAP pass is rather complicated.
The TDZ primarily affects the peripheral/corner regions of the extruded billet, by the effect of which the
imposed strain did not influence the reinforcing Cu wires as much as the (periphery of) Al sheath in
this deformation zone. The Cu wires were not significantly affected by the shear strain during passing
through the TDZ, but later on, during passing through the MDZ. As depicted in the cross-sectional
cut through the simulated billet extruded via a single pass in Figure 3a, the Al sheath exhibited
homogeneous imposed effective strain distribution of rather high values (up to 2.5) when compared to
the Cu wires, the maximum effective strain values in which reached up to 1.5. Moreover, the imposed
strain distribution through the wires’ cross-sections was not homogeneous after single pass TCAP.
Both phenomena were caused by the significantly lower effect of the TDZ on the wires (compared to
the Al sheath).
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(a) (b) 

Figure 3. Effective strain distribution after: single pass (a) and double pass (b).

The prediction showed that after the double pass, the effect of the TDZ on the imposed strain was
more evident than after the single pass for both the composite metals. As can be seen in Figure 3b
depicting a cross-sectional cut through the billet extruded via double pass TCAP, the Al sheath
exhibited the homogeneous distribution of the effective imposed strain (similar to the single pass),
however, the maximum imposed strain values almost doubled (up to 5). The Cu wires exhibited
not only an increase in the maximum imposed strain after the second pass, but also substantial
homogenization of its distribution (please note the different scales, although the color scheme is
maintained for both the Figure 3a,b—decreasing the range of the scale in Figure 3a enables better
depiction of the inhomogeneities of the effective imposed strain within the Cu wires observed after the
first TCAP pass).

3.2. Texture Characteristics of Extruded Composites

The effects of the TDZ and MDZ on texture developments within the experimentally extruded
composite billets were evaluated via pole figures (PF), and via determination of the intensities of
dominant ideal shear texture orientations [56–58]. Since the effects of the TCAP process on texture
development within the Al sheath were comparable to its effects on texture development within a CP
Al billet, which were characterized in the previously published study [50], this study primarily focuses
on the Cu wires.

The original preannealed Cu exhibited more or less random texture with a slight tendency to form
ideal cube recrystallization texture (not shown here). The texture orientations within the individual
wires exhibited differences after the first pass—the individual {001}, {011}, and {111} PFs for the wires
in the upper left, upper right, axial, bottom left, and bottom right positions are depicted in Figure 4a–e,
respectively. As can be seen, the highest texture intensity was detected in the axial wire (Figure 4c),
which exhibited dominant A fiber ideal shear texture orientation (i.e., {111}||shear plane) [56]. Regarding
the peripheral wires, the pairs of the wires positioned across the cross-sectional diagonals exhibited
tendencies to mirror. The bottom left (Figure 4d) and upper right (Figure 4b) wires primarily formed
the C fiber ideal shear texture orientation (although by approximately 10◦ shifted), sometimes also
denoted as the dominant α fiber defined by the Euler angles ϕ1, φ, and ϕ2 of 90◦, 45◦, and 0◦ [57,58],
and the upper left (Figure 4a) and bottom right (Figure 4e) wires exhibited the tendencies to preferably
form the Ab shear texture orientation (belonging to the A fiber, defined by the Euler angles ϕ1, φ, and
ϕ2 of 180◦, 35.26◦, and 45◦, respectively). However, the Ab ideal orientation was shifted towards the
Bb ideal orientation (Euler angles ϕ1, φ, and ϕ2 of 180◦, 54.74◦, and 45◦), especially within the upper
left wire (Figure 4a).
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(a) 

(b) 

(c) 

 
(d) 

Figure 4. Cont.
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(e) 

Figure 4. Pole figures for individual wires within composite billet extruded via single pass TCAP:
upper left (a); upper right (b); axial (c); bottom left (d); and bottom right (e).

After the experimental double pass TCAP, homogenization of the textures within the wires
occurred. Figure 5a–e depicts the distributions of the main ideal texture orientations within the
individual wires after the second TCAP pass. All the wires exhibited dominant texture orientations
belonging to the A fiber, however, the suborientations varied slightly (orientations belonging to the B
and C fibers are not depicted since their volume fractions were neglectable). A1 and A2 ideal texture
components (Euler angles ϕ1, φ, and ϕ2 of 35.26◦, 45◦, and 0◦; and 144.74◦, 45◦, and 0◦, respectively)
were dominant in all the wires after the second TCAP pass, except the upper right wire (Figure 5b),
Ab ideal orientation for which was dominant. This wire was located in the bottom right position after
the first pass (after which the texture already exhibited the tendency to form the Ab ideal orientation,
see Figure 4e).

  

(a) (b) 

 
(c) 

Figure 5. Cont.
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(d) (e) 

Figure 5. Volume fractions of dominant ideal texture orientations for individual wires within composite
billet extruded via double pass TCAP: upper left (a); upper right (b); axial (c); bottom left (d); and bottom
right (e).

3.3. Microhardness and Structure of Extruded Composites

The deformation strengthening introduced by the intensive shear strain and manifesting itself in
macrodeformation and bending of the ends of the Cu wires (Section 3.1) contributed to increases in
microhardness for both the experimentally extruded composite components. The original HV values
of the initial annealed components were 58.6 for the Cu wires, and 37.4 for the Al sheath. Figure 6a,b
depicts the maps of microhardness measured across the cross-sections of both the extruded billets.
As can be seen, the microhardness values increased after both the single and double pass TCAP.
After single pass TCAP, the average microhardness value of the Al sheath increased to 85 HV, and
for the Cu wires it increased up to 107 HV. After the second pass, the average value of the Al was
comparable to the first pass (86 HV), while for the Cu wires the average HV value increased to 128 HV.

 
(a) (b) 

Figure 6. Maps of experimentally measured microhardness across a cross-section of billet after: single
pass (a) and double pass (b).

The results point to the fact that the Cu was not strengthened to its limit after the single pass,
i.e., its structure was not saturated [59], by the effect of which the microhardness still increased after
the second pass. On the other hand, the Al sheath featured structure saturation already after the first
pass, and then exhibited structure recovery/recrystallization at the expense of further strengthening
after the second pass. This supposition is in accordance with the grain refinement of the Al sheath
occurring after both the passes. After single TCAP pass, the average grain size within the Al sheath
was 5.4 μm, which was comparable with the values acquired during the previous study on a CP Al
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billet [50,51]. However, after the second pass, the average grain size within the Al sheath decreased
down to 1.75 μm (see the orientation image map—OIM—and grain size distribution in Figure 7a,b).
For comparison, the OIMs for the axial wire within the billets extruded via the single and double TCAP
pass are depicted in Figure 7c,d, respectively, clearly showing that the grain size of the Cu wires was
larger than within the Al sheath.

 
(a) 

 
(b) 

 
(c) 

 

(d) 

Figure 7. Structure of Al sheath after double pass TCAP: orientation image map (OIM) (a); grain size
distribution (b); OIM of axial Cu wire after: Single TCAP (c); and double TCAP (d).

4. Discussion

Both the predicted and experimental results revealed that the deformation behavior of the
composite billet was affected by the fact that it consisted of a combination of two different component
metals. However, the individual deformation zones implemented within the die and the selected
deformation route had non-negligible effects on the behavior of the billet, too. Passing through the
TDZ did not generally introduce as high strains as passing through the MDZ [49]; the MDZ affects
primarily the composite axial region, while the TDZ imposes high effective strain primarily to the
composite (sub)surface regions. The TDZ thus imposed the shear strain primarily to the Al sheath,
the plastic flow in the outer region of which was quicker than in the Cu wires. Subsequently, the MDZ
contributed to the increase in the imposed shear strain also within the wires. The predicted bendings
of the ends of the Cu wires after both the TCAP passes originating from different plastic flows of the
individual regions of the composite billet developed during passing through the MDZ, where the
upper cross-sectional region of the Al sheath adjoining to the Cu wires exhibited a tendency to flow
quicker than the bottom cross-sectional region of the billet.

29



Materials 2020, 13, 4161

The development of texture during TCAP was affected by the acting strain path along which
the shear strain was imposed [50,51]. As described above, the TCAP die is characterized by two
independent deformation zones, twist zone (analogy to twist extrusion) two independent intersection
planes in which are active, and bending zone (analogy to ECAP) another intersection plane in which
is active. The TCAP die thus introduces severe shear strain into the extruded composite along three
independent intersection planes, which also introduces a high amount of lattice distortions acting as
obstacles for the movement of dislocations, and generation of nucleation sites during substructure
formation (both these occurring phenomena were confirmed via the observed microhardness increase,
and substantial grain refinement, see Figures 6 and 7). After the first TCAP pass, the axial wire
exhibited dominant A fiber texture orientation, which corresponds with the supposition of the minor
effect of the TDZ on this wire during the first pass, since the A fiber is an ideal shear texture orientation
developing during conventional ECAP. In other words, this finding documents the dominant effect of
MDZ on this wire. The texture orientations identified in the peripheral wires were primarily affected
by the two intersection planes along which the shear strain was imposed to the composite in the
TDZ, especially as regards their tendency to mirror across the cross-sectional diagonals. Nevertheless,
double pass TCAP resulted in homogenization of texture, as all the wires exhibited the tendencies to
form A fiber dominant shear texture orientation.

5. Conclusions

The study presented the results of experimental analyses, supplemented with FEM numerical
prediction, of an Al/Cu clad composite prepared by room temperature extrusion via the twist channel
angular pressing (TCAP) method (single and double pass). The numerical prediction showed that
both the passes introduced severe shear strain to both the component metals; the maximum effective
imposed strain within the Al sheath of the billet processed via the double pass reached to the value of
5. The severe imposed strain subsequently introduced significant grain refinement and deformation
strengthening (especially after the second pass) resulting in the increase in microhardness up to 128 HV
for the Cu wires. The results also documented that the second pass introduced homogenization of the
distribution of the imposed strain within the Al sheath and Cu wires, as well as uniform tendencies to
form preferential texture orientations. The Cu wires exhibited the tendency to form A fiber preferential
texture orientation after the second pass, although after the first pass, one pair of the peripheral wires
exhibited the formation of A fiber texture, while the second pair formed C fiber texture.
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2. Kocich, R.; Kunčická, L.; Král, P.; Strunz, P. Characterization of innovative rotary swaged Cu-Al clad
composite wire conductors. Mater. Des. 2018, 160, 828–835. [CrossRef]

30



Materials 2020, 13, 4161
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Abstract: The strengthening mechanism of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat resistant steel
was studied by tensile test and microstructure analysis. At the same temperature, the yield
strength of 9Cr–3W–3Co heat-resistant steel is higher than that of 9Cr–1.5Mo–1Co heat-resistant steel.
Microstructure analysis proved that the strength of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steel is affected by grain boundary, dislocation, precipitation, and solid solution atoms. The excellent
high temperature mechanical properties of 9Cr–3W–3Co heat-resistant steel are mainly due to the
solution strengthening caused by Co and W atoms and the high-density dislocations distributed in
the matrix; however, 9Cr–1.5Mo–1Co heat-resistant steel is mainly due to the martensitic lath and
precipitation strengthening.

Keywords: heat-resistant steel; cast steel; microalloying; strengthening mechanism

1. Introduction

The consumption of coal is the main source of air pollution, especially the emission of CO2,
which leads to the increasingly serious greenhouse effect. It is a hot topic in today’s society how to reduce
greenhouse gas emissions and environmental pressure [1,2]. Thermal power plant is the main enterprise
of coal resource consumption. In order to reduce CO2 emissions under ensuring social and economic
development, it is necessary to improve the efficiency of thermal power generation. To achieve this
goal, it is necessary to the increase the temperature and pressure of the main steam engine, which puts
forward higher requirements for materials [3–7]. Because of its high creep strength, good temperature
oxidation resistance, excellent thermal conductivity, low thermal expansion coefficient, and low
sensitivity to thermal fatigue performance, 9–12% Cr martensitic heat-resistant steel has become the
heat-resistant material in thermal power plants [8–10].

The unique tempered martensite microstructure of 9–12% Cr heat-resistant steel is the key to
keep good mechanical properties at a high temperature. The strengthening mechanisms are mainly
grain boundary strengthening, precipitation strengthening, dislocation strengthening, and solution
strengthening [11,12]. The grain boundary of 9–12% Cr martensitic heat-resistant steel is mainly
composed of original austenite grain boundary, sub grain boundary, and martensitic lath boundary,
whose properties are directly related to the mechanical properties of heat-resistant steel. In addition,
the high-density dislocations in martensitic heat-resistant steel play an important role in improving
the mechanical properties of heat-resistant steel [13]. Thirdly, the precipitates with different sizes
can hinder the movement of dislocations and grain boundaries, such as M23C6 carbides and MX
carbonitrides [14–16], which makes the material from high temperature tensile property and creep
resistance [17,18]. Finally, large and small size solute atoms exist in the matrix, which plays a solid
solution strengthening role in heat-resistant steel.
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Lots of work has been done on the strengthening mechanism of 9–12% Cr martensitic
heat-resistant steel. Yao Du et al. [19] found that the formation of MX precipitate is the main
reason for the strengthening of 0.032C–9Cr–0.07Nb–0.13Mo–0.23Si–1.5Mn–0.8Ni heat-resistant steel.
Peng Yan et al. [20,21] proved that dislocation and lath evolution are the main factors affecting the
high-temperature strength of G115 heat-resistant steel, and the effect of precipitation strengthening
is less than that of dislocation and lath strengthening, while the precipitated phase mainly
hinders the movement of dislocation and lath boundary. At the same time, the decrease of
supersaturation degree of interstitial atoms will also cause the decrease of mechanical properties
of heat-resistant steel. S.S. Wang et al. [22] found that 9Cr–0.5Mo–1.8W heat-resistant steel was
strengthened mainly by the combination of grain boundary strengthening, dislocation strengthening,
and precipitation strengthening.

9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel are two important members of 9–12%
Cr martensitic heat-resistant steel. However, there are few studies in the literature comparing the
strengthening mechanism of these two kinds of heat-resistant steels. 9Cr–1.5Mo–1Co heat-resistant
steel is the heat-resistant material currently used in 620 ◦C thermal power generation units,
while 9Cr–3W–3Co heat-resistant steel is a newly developed type of steel used in 650 ◦C thermal
power generation units. The high temperature tensile properties of the two steels were compared
and the mechanism was discussed. It is of great significance to the application and development of
9Cr–3W–3Co heat-resistant steel. At the same time, it is conducive to the development of new materials.

In this paper, 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steels are taken as the research
objects. The microstructure and high-temperature mechanical properties of 9Cr–1.5Mo–1Co and
9Cr–3W–3Co heat-resistant steels are studied comparatively, and their strengthening and toughening
mechanism is revealed.

2. Materials and Methods

The steel used in this study was melted in an electric furnace, refining furnace, and vacuum
refining furnace; then obtained by sand casting; and finally normalized at 1000 ◦C and tempered at
700 ◦C, and the chemical composition is shown in Table 1. A sample of 10 mm × 10 mm × 10 mm
is cut from the sample by wire cutting. After grinding and mechanical polishing, the sample is
corroded with the etchant prepared by FeCl3 (5 g) + HCl (15 mL) + H2O (80 mL) for 20 s, and the
corroded sample is washed and dried with alcohol. The microstructure and the distribution of the
main elements were observed and analyzed by optical microscope (OM), scanning electron microscope
(SEM), and electron probe microanalyzer (EPMA). SEM was performed on JSM-6700F (JEOL, Tokyo,
Japan) with an operating voltage of 15 kV. The EPMA scan was performed on EPMA-8050G (Shimadzu,
Kyoto, Japan) with an operating voltage of 15 kV. The transmission sample was prepared by the
tenupol-5 electrolytic double spray instrument (Struers, Ballerup, Denmark).The double spray liquid
was 4% perchloric acid ethanol solution, which is cooled to −30 ◦C by liquid nitrogen, and the voltage
was 20 V. Precipitates, laths, and dislocations were observed on thin foils using JEM-2100 emission
transmission electron microscopy (JEOL, Tokyo, Japan) at 200 kV. Thermodynamic calculation was
performed by Thermo-Calc software (Thermo-Calc-2015a, TCS, Solna, Sweden) and TCFe7 database
was used.

Table 1. Chemical composition of the steel, wt%.

Element C Si Mn Cr Mo Ni V Nb Co W

9Cr-1.5Mo-1Co 0.05~0.15 0.2~0.4 0.5~1 9~12 1.5 0~0.3 0~0.3 0~0.1 1.00 0
9Cr-3W-3Co 0.05~0.15 0.2~0.4 0.5~1 9~12 0 0~0.3 0~0.3 0~0.1 3.00 2.80

Zwick Z1100TEW universal material testing machine (Zwick/Roell, Kennesaw, GA, USA) was
used to measure the high temperature tensile properties. The sample size for high temperature tensile
property test is shown in Figure 1 The experimental temperatures were 25 ◦C, 200 ◦C, 400 ◦C, 500 ◦C,

36



Materials 2020, 13, 4340

650 ◦C, and 700 ◦C, respectively. Three groups of experiments were carried out at each temperature
to ensure the reliability of the experiment. The sample is heated to the required temperature within
60 min, which is held for 15 min at the required temperature, and then the tensile property test is
started. The strain rate of the tensile test is 0.015 min−1. After the tensile test, scanning electron
microscope (SEM) was used to observe the morphology and analyze the fracture mechanism.

 
Figure 1. Sample size of high temperature tensile test.

3. Results

3.1. Evolution of High-Temperature Strength under As-Received

The high temperature tensile curves of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel
are shown in Figure 2. It can be seen from the figure that the tensile strength and yield strength of
9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel decrease with the increase of temperature.
However, elongation and reduction of area decreased or remained unchanged before 400 ◦C,
and increased with the increase of tensile temperature after 400 ◦C. At a high temperature, the diffusion
ability of metal atom is enhanced, the atom is easy to move, the pinning effect of defect on dislocation
is weakened, the resistance of dislocation motion is reduced, and the macroscopic strength is reduced.

Figure 2. The stress–strain curves of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel.
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The relationship between the temperature and strength of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co
heat-resistant steel is shown in Figure 3. It can be seen from the figure that the overall strength of
9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel decreases with the increase of tensile temperature.
There is no obvious regularity difference between 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steel of the tensile strength, and the difference between them is within 30MPa. However, compared
with 9Cr–1.5Mo–1Co heat-resistant steel, the yield strength of 9Cr–3W–3Co heat-resistant steel is
significantly higher than that of 9Cr–1.5Mo–1Co heat-resistant steel. At room temperature, the yield
strength of 9Cr–1.5Mo–1Co heat-resistant steel is 530 MPa, which is about 100 MPa lower than
that of 9Cr–3W–3Co heat-resistant steel. When the tensile temperature rises to 500 ◦C, the yield
strength of 9Cr–1.5Mo–1Co heat-resistant steel is 401 MPa, which is about 60MPa lower than that of
9Cr–3W–3Co heat-resistant steel. When the tensile temperature rises to 700 ◦C, the yield strength of
9Cr–1.5Mo–1Co heat-resistant steel is 164 MPa, which is about 40MPa lower than that of 9Cr–3W–3Co
heat-resistant steel.

  

Figure 3. Relationship between the temperature and strength of heat resistant steel at different
temperatures: (a) 9Cr–1.5Mo–1Co and (b) 9Cr–3W–3Co.

The relationship between the temperature and plasticity of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co
heat-resistant steel is shown in Figure 4. It can be seen from the figure that the plastic change rule of
9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel is similar. When the tensile temperature is less
than 400 ◦C, the elongation and area shrinkage of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steel do not change significantly with the rise of temperature. When the tensile temperature is greater
than 400 ◦C, the elongation and reduction of area of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steel began to rise sharply. However, the overall elongation of 9Cr–3W–3Co heat-resistant steel is
lower than that of 9Cr–1.5Mo–1Co heat-resistant steel, and there is no significant difference between
the 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel. At room temperature, the elongation of
9Cr–1.5Mo–1Co heat-resistant steel is 19.5% and the reduction of area is 50.0%, however, the elongation
and reduction of area of 9Cr–3W–3Co heat-resistant steel are 15% and 44.8% respectively, that is,
the elongation and area reduction of 9Cr–1.5Mo–1Co heat-resistant steel are 4.5% and 5.2% higher than
those of 9Cr–3W–3Co heat-resistant steel, respectively. When the tensile temperature is increased to
650 ◦C, the elongation of 9Cr–1.5Mo–1Co heat-resistant steel is increased by 30.4% and the reduction
of area is increased by 58.0%, but the elongation and area reduction of 9Cr–3W–3Co heat-resistant steel
are 19.1% and 86.3% respectively. In other words, the elongation and area reduction of 9Cr–1.5Mo–1Co
heat-resistant steel are 11.3% higher and 2.0% lower those of 9Cr–3W–3Co heat-resistant steel,
respectively. Compared with plasticity, strength is the most important index to evaluate the properties
of heat-resistant steel. Under the service temperature of heat-resistant steel, the atomic diffusion speed
is faster, and the plasticity of materials will rise to a certain extent. Therefore, plasticity is generally not
the focus of heat-resistant steel research.
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Figure 4. Relationship between temperature and plasticity of heat-resistant steel at different temperatures:
(a) 9Cr–1.5Mo–1Co and (b) 9Cr–3W–3Co.

3.2. Analysis of Fracture Morphology after High Temperature Tensile

The tensile fracture of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel at different
temperatures is shown in Figures 5 and 6. It can be seen from the figure that 9Cr–1.5Mo–1Co
and 9Cr–3W–3Co heat-resistant steel are mainly ductile fracture. With the increase of temperature,
the dimple deepens and the size increases, especially at 650 ◦C, the dimple on the fracture surface
becomes larger and deeper. Because there are many second phase particles in 9Cr–1.5Mo–1Co and
9Cr–3W–3Co that are heat-resistant, these second phase particles can effectively resist crack growth at
a high temperature, which also shows that plasticity increases with the increase of tensile temperature.
This is also confirmed by the results of elongation and reduction of area, that is to say, the plasticity of
the material above 650 ◦C is obviously improved.

3.3. Microstructural Characterization of the As-Received Steel

The OM images of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel are shown in Figure 7.
It can be seen from the figure that the microstructures of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steel are typical tempered martensite. After high-temperature tempering, the martensite morphology is
relatively complete, and some martensite laths are relatively wide. It is possible that during tempering,
the martensite lath has merged, and at the same time, there are a large number of black dot like
precipitates on the edge of the martensite lath.

SEM images of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel are shown in Figure 8.
It can be seen from the figure that there are precipitates with different sizes in the grain boundary,
the edge of martensitic lath, and the interior of martensitic lath, and compared with the precipitates at
the edge of martensitic lath and the interior of martensitic lath, the precipitates at the grain boundary
have larger sizes and obvious clustering phenomenon. The obvious difference is mainly due to the
higher energy at the grain boundary, which is conducive to the precipitation phase nucleation and
carbide aggregation. At the same time, it can be found that the number of precipitates in 9Cr–1.5Mo–1Co
heat-resistant steel is more than that in 9Cr–3W–3Co heat-resistant steel with the same area. According
to the statistics of software IPP, the average size of precipitates in 9Cr–1.5Mo–1Co heat-resistant steel is
156.5 nm, and the average size of precipitates in 9Cr–3W–3Co heat-resistant steel is 270.7 nm.
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Figure 5. Tensile fracture of 9Cr–1.5Mo–1Co heat resistant steel at different temperatures: (a) 25 ◦C,
(b) 200 ◦C, (c) 400 ◦C, (d) 500 ◦C, (e) 650 ◦C, and (f) 700 ◦C.
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Figure 6. Tensile fracture of 9Cr–3W–3Co heat resistant steel at different temperatures: (a) 25 ◦C,
(b) 200 ◦C, (c) 400 ◦C, (d) 500 ◦C, (e) 650 ◦C, and (f) 700 ◦C.
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Figure 7. Optical microscope (OM) image of heat-resistant steel after heat treatment: (a,b) 9Cr–1.5Mo–1Co,
(c,d) 9Cr–3W–3Co.

 

Figure 8. Scanning electron microscope (SEM) image of heat-resistant steel after heat treatment:
(a,b) 9Cr–1.5Mo–1Co, (c,d) 9Cr–3W–3Co.

The results of surface element in electron probe microanalyzer(EPMA)of 9Cr–1.5Mo–1Co
heat-resistant steel are shown in Figure 9. It can be seen from the figure that C, N, V, Cr, Nb,
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Mo, and other elements are in the state of segregation. According to the relevant literature [23,24],
a large number of carbide in the grain boundary and phase boundary may be M23C6, while MX
precipitate may be formed inside the martensitic lath, and Co element does not participate in the
formation of precipitate, which is evenly distributed in the matrix.

 

Figure 9. Cont.
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Figure 9. Analysis results of elements in 9Cr–1.5Mo–1Co heat-resistant steel.

The results of surface element in EPMA of 9Cr–3W–3Co heat-resistant steel are shown in Figure 10.
Similar to 9Cr–1.5Mo–1Co, it can be seen from the figure that C, N, V, Cr, Nb, W, and other elements are
in the state of segregation. According to the relevant literature [23,24], a large number of carbide in the
grain boundary and phase boundary may be M23C6, while MX precipitate may be formed inside the
martensitic lath, and Co element does not participate in the formation of precipitate, which is evenly
distributed in the matrix.

 

Figure 10. Cont.
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Figure 10. Analysis results of elements in 9Cr–3W–3Co heat-resistant steel.

TEM images of the matrix microstructure of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steel are shown in Figure 11. It can be seen from the figure that 9Cr–1.5Mo–1Co and 9Cr–3W–3Co
heat-resistant steel are both typical lath-like structures with obvious precipitation at the lath boundary.
Through the analysis of crystal structure, 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steels are
martensitic microstructure. At the same time, it is found that the width of the martensitic lath of
9Cr–1.5Mo–1Co heat-resistant steel is significantly smaller than that of 9Cr–3W–3Co heat-resistant
steel. The width of the martensitic lath of 9Cr–1.5Mo–1Co heat-resistant steel is 385 ± 55 nm, but that
of 9Cr–3W–3Co heat-resistant steel is 495 ± 55 nm.

  
(a) (b) 

Figure 11. Cont.
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(c) (d) 

Figure 11. Transmission electron microscopy (TEM) image of heat-resistant steel after heat treatment:
(a,b) 9Cr–1.5Mo–1Co, (c,d) 9Cr–3W–3Co.

TEM images of precipitated phases in 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel are
shown in Figures 12 and 13. It can be seen from the figure that the precipitates in 9Cr–1.5Mo–1Co and
9Cr–3W–3Co heat-resistant steel are M23C6 precipitates and MX precipitates. The structure of these two
precipitates is shown in Figure 14. For M23C6 precipitates, the metal atoms are distributed in 4a, 8c, 32f,
and 48h of the cell, while the C atoms are mainly located in 24e. In the MX precipitate, the metal atom is
located at the top of the cell and the center of the crystal surface, while the non-metal atom is located at
the center of the edge and the center of the crystal cell. Because of the different positions of formation,
M23C6 precipitates are formed at the lath boundary and sub grain boundary, MX precipitates are
formed inside the martensitic lath, M23C6 precipitates are elliptical, and MX precipitates are spherical.

  
(a) (b) 

 
(c) 

Figure 12. TEM image of precipitation phase in 9Cr–1.5Mo–1Co heat-resistant steel: (a) the morphology of
precipitated phase, (b) diffraction pattern of M23C6 precipitates, (c) diffraction pattern of MX precipitates.
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(a) (b) 

  
(c) (d) 

Figure 13. TEM image of precipitation phase in 9Cr–3W–3Co heat-resistant steel: (a) the morphology of
M23C6 precipitates, (b) diffraction pattern of M23C6 precipitates, (c) the morphology of MX precipitates,
(d) diffraction pattern of MX precipitates

 
(a) (b) 

Figure 14. Structure diagram of M23C6 precipitate and MX precipitates: (a) crystal structure of MX
precipitate, (b) crystal structure of M23C6 precipitate.

The dislocation distribution in 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel is shown
in Figure 15. It can be seen from the figure that a large number of simple dislocation modes, such as
dislocation line and dislocation accumulation, are distributed in the martensitic lath of 9Cr–1.5Mo–1Co
and 9Cr–3W–3Co heat-resistant steel, as shown by the white arrow in the figure. The existence
of these dislocation structures will strengthen the heat-resistant steel [25–27]. At the same time,
some dislocations are distributed around the precipitates, which will further strengthen the material.
When the material is deformed as a result of the force, the dislocations will move correspondingly,
but the dislocations cannot cut through these hard precipitates. In other words, the hard precipitates
will hinder the wrong movement, so that the matrix can be strengthened [28]. At the same time,
it is easy to see the dislocation distribution in 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel.
The dislocations in 9Cr–3W–3Co heat-resistant steel are more concentrated, and the distribution
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and the number of dislocation lines around the precipitated phase are obviously more than that in
9Cr–1.5Mo–1Co heat-resistant steel.

  
(a) (b) 

Figure 15. Dislocation distribution of heat-resistant steel under TEM after heat treatment:
(a) 9Cr–1.5Mo–1C0 and (b) 9Cr–3W–3Co.

4. Discussion

Through the above results, it is not difficult to find that the overall mechanical properties of
9Cr–3W–3Co heat-resistant steel are significantly better than those of 9Cr–1.5Mo–1Co heat-resistant
steel, which provides the possibility for 9Cr–3W–3Co heat-resistant steel to be widely used in 650 ◦C
thermal power generating units. This part is mainly used to explain the reason that the properties of
9Cr–3W–3Co heat-resistant steel are better than those of 9Cr–1.5Mo–1Co heat-resistant steel.

9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel belong to 9–12% Cr martensitic heat-resistant
steel. Chromium equivalent directly affects the overall performance of heat-resistant steel. The chromium
equivalent is calculated as follows [29]:

NCE =%Cr + 6 ×%Si + 4 ×%Mo+1.5 ×%W + 11 ×%V + 5 ×%Nb + 12 ×%Al + 8 ×%Ti −
40 ×%C − 2 ×%Mn − 4 ×%Ni − 2 ×%Co − 30 ×%N −%Cu

(1)

After calculation, the chromium equivalent of 9Cr–1.5Mo–1Co heat-resistant steel is 8.992,
while that of 9Cr–3W–3Co heat-resistant steel is 7.783. Compared with Figure 16, it is not difficult
to find that 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steels are in the austenite phase area
when they are heat treated in the same austenite, which ensures that δ–Fe transformation does
not occur in the process of austenitizing, that is to say, the microstructure of 9Cr–1.5Mo–1Co and
9Cr–3W–3Co heat-resistant steel is the cause of tempered martensite. However, according to the
analysis of martensitic structure of 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel in Figure 11,
the width of the martensitic lath of 9Cr–1.5Mo–1Co heat-resistant steel is obviously smaller than that
of 9Cr–3W–3Co heat-resistant steel, and the smaller the martensitic lath, the better the mechanical
properties. Therefore, the influence of matrix structure on the strength of 9Cr–1.5Mo–1Co heat-resistant
steel is greater than that on 9Cr–3W–3Co heat-resistant steel.
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Figure 16. Pseudoequilibrium diagram showing the dependence of the existence of various phases on
the chromium equivalent.

In addition to grain boundary strengthening, the strengthening methods of 9–12% Cr martensitic
heat-resistant steel mainly include solution strengthening, precipitation strengthening, and dislocation
strengthening. It can be seen from the above experimental results that the microstructures of
9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel are similar, and there are four strengthening ways
mentioned above. Therefore, it is necessary to distinguish the effect of the other three strengthening
mechanisms on the two heat-resistant steels.

The pinning force PZ of the precipitated relative grain boundary or sub grain boundary and the
pinning force PB for the martensitic lath can be expressed as follows [15]:

PZ =
3γFV

d
(2)

PB =
γFVBD

d2 (3)

where γ is the boundary surface energy per unit area, FV and FVB are volume fraction, and d is the size of
dispersed particles, respectively. D represents the size of structural elements, that is, the grain/subgrain
size or lath thickness. It can be seen from the formula that the pinning force of precipitation relative
to grain boundary or martensitic lath boundary is mainly related to the volume fraction and the size
of precipitated phase. With the increase of the volume fraction of precipitates, the pinning effect of
precipitates is stronger, that is, it is more favorable for the strength of heat-resistant steel. With the
increase of the size of precipitates, the pinning effect of precipitates is weaker, that is, it is more
unfavorable for the strength of heat-resistant steel. Figure 17 shows the precipitation amount of
M23C6 in 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel calculated by Thermo-Calc software.
It can be seen from the figure that the precipitation of M23C6 in 9Cr–1.5Mo–1Co heat-resistant steel
is significantly greater than that of M23C6 in 9Cr–3W–3Co heat-resistant steel, which is mutually
confirmed with the experimental results in Figure 8. According to the statistical results of precipitate
size in Figure 8, the average size of precipitate in 9Cr–1.5Mo–1Co heat-resistant steel is smaller than
that in 9Cr–3W–3Co heat-resistant steel. In conclusion, the pinning force of 9Cr–3W–3Co heat-resistant
steel is smaller than that of 9Cr–1.5Mo–1Co heat-resistant steel.
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Figure 17. Change of precipitation amount of M23C6 precipitate with temperature.

The strengthening effect of dislocation strengthening on steel can be calculated by the following
formula [30]:

σρ= 0.5MGbρ1/2 (4)

where M is the Taylor coefficient, G is the shear modulus, b is the length of Burgers vector, and ρ is
the dislocation density. It can be seen that the strength of the material increases with the increase
of dislocation density. According to the analysis results in Figure 15, the dislocation density of
9Cr–3W–3Co heat-resistant steel is significantly higher than that of 9Cr–1.5Mo–1Co heat-resistant steel.
Therefore, the contribution of dislocation to the strength of 9Cr–3W–3Co heat-resistant steel is higher
than that of 9Cr–1.5Mo–1Co heat-resistant steel.

Solution strengthening is mainly related to the radius difference between the solute atom and
matrix atom. The larger the radius difference between the solute atom and matrix atom, the stronger
the strengthening effect on the matrix. Therefore, in 9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant
steels, except for the small-size non-metallic elements such as C, N, and B, which are strengthened
in the form of interstitial atoms, the metal elements such as Co, W, and Mo can also strengthen
9Cr–1.5Mo–1Co or 9Cr–3W–3Co heat-resistant steel in the form of replacement atoms. According to
Figures 9 and 10, Co atoms mainly exist in the matrix, while some Mo and W atoms are precipitated in
the form of precipitated phase, and the rest are also solid soluble in the matrix. Combined with the
element composition of 9Cr–3W–3Co or 9Cr–1.5Mo–1Co, it can be seen that the Co element content
of 9Cr–3W–3Co is higher than that of 9Cr–1.5Mo–1Co. Therefore, the solid solution strengthening
effect of Co on 9Cr–3W–3Co is stronger than that of 9Cr–1.5Mo–1Co. In addition, W element and
Mo element belong to the same group, and the atomic number of W atom is greater than that of Mo
atom, and the effect of W atom on steel solution strengthening is greater than that of Mo atom on
steel. In conclusion, the strengthening effect of Co and W atoms on 9Cr–3W–3Co heat-resistant steel is
higher than that of Co and Mo atoms on 9Cr–1.5Mo–1Co heat-resistant steel.

5. Conclusions

On the basis of the analysis of the tensile properties and strengthening mechanism of
9Cr–1.5Mo–1Co and 9Cr–3W–3Co heat-resistant steel at different temperatures, the following
conclusions are obtained:

1. At the same temperature, the overall yield strength of 9Cr–3W–3Co heat-resistant steel is better
than that of 9Cr–1.5Mo–1Co heat-resistant steel. At room temperature, the yield strength of
9Cr–3W–3Co heat-resistant steel is 628 MPa, while that of 9Cr–1.5Mo–1Co heat-resistant steel is
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530 MPa. When the tensile temperature is increased to 700 ◦C, the yield strength of 9Cr–3W–3Co
heat-resistant steel is 204 MPa, while that of 9Cr–1.5Mo–1Co heat-resistant steel is 164 MPa.

2. The strength of 9Cr–3W–3Co heat-resistant steel and 9Cr–1.5Mo–1Co heat-resistant steel is
affected by grain boundary, dislocation, precipitation, and solid solution atoms, but the width of
the martensitic lath of 9Cr–1.5Mo–1Co heat-resistant steel is smaller than that of 9Cr–3W–3Co
heat-resistant steel, and the dislocation density of 9Cr–3W–3Co heat-resistant steel is larger than
that of 9Cr–1.5Mo–1Co heat-resistant steel.

3. The excellent high-temperature mechanical properties of 9Cr–3W–3Co heat-resistant steel are
mainly attributed to the solution strengthening caused by Co and W atoms and the high-density
dislocations distributed in the matrix, while the precipitates are mainly pinned dislocations and
hinder the movement of dislocations. However, the high temperature strength of 9Cr–1.5Mo–1Co
heat-resistant steel is mainly due to the refinement and precipitation of the martensitic lath and
the pinning of the grain boundary.
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Abstract: Advanced thermomechanical hot rolling is becoming a widely used technology for the
production of fine-grained spring steel. Different rapid phase transformations during the inductive
heat treatment of such steel causes the inhomogeneous mixture of martensitic, bainitic, and austenitic
phases that affects the service properties of the steel. An important task is to assess the amount of
retained austenite and its distribution over the cross-section of the inductive quenched and tempered
wire in order to evaluate the mechanical properties of the material. Three different analytical methods
were used for the comparative quantitative assessment of the amount of retained austenite in both
the core and rim areas of the sample cross-section: neutron diffraction—for the bulk of the material,
Mössbauer spectroscopy—for measurement in a surface layer, and the metallographic investigations
carried by the EBSD. The methods confirmed the excessive amount of retained austenite in the core
area that could negatively affect the plasticity of the material.

Keywords: spring steel; heat treatment; retained austenite; Mössbauer spectroscopy; neutron
diffraction

1. Introduction

The modern production of environmentally friendly vehicles has imparted progress in the
automotive industry, leading to the development of many innovative features. The main impacts are
fuel savings, which can be provided by reducing the weight of vehicles, for example, by replacing the
contemporary wiring with innovative copper-aluminum clad composite wires [1,2], by using modern
lightweight construction materials [3], or by introducing electric automobiles [4].

Due to the electric car strategy, new requirements are also given to the chassis components in terms
of higher strength (above 2100 N/mm2) and sufficient toughness. Several approaches could be taken in
order to obtain the required results. For example, an application of the optimized treatment with the
implementation of a new processing technology, which can preferably be done via the methods for applying
severe plastic deformation (SPD), such as equal channel angular pressing (ECAP) [5,6], accumulative roll
bonding (ARB) [7], or rotary swaging [8,9]. The advanced treatments contribute to the optimization of the
final mechanical properties via mechanical mixing and substantial grain refinement [10].
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Another approach is to develop thermo-mechanically rolled fine-grained steel with a mixed
microstructure consisting of martensite and/or bainite and a considerable amount of stabilized retained
austenite (RA) [11,12]. In the last few years, many reports about the development of quenching and
partitioning (Q&P) processes for the production of heat-treated steel with the optimal combination
of high strength and ductility [13–19] can be found. All studies emphasize the key role of RA and
its morphology, size, and distribution. The stability of RA also plays a key role in the prevention of
tempered martensite embrittlement caused by the decomposition of RA to cementite and ferrite [20].

Grain refinement of steel microstructures was also reported to improve the stability of retained
austenite by decreasing the size of blocks of RA [21]. Thermo-mechanical rolling is used to obtain the
fine grain structure of the hot rolled wire products [22], along with the vanadium and/or niobium
micro alloying of steel [23,24]. Vanadium micro-alloying also suppresses the growth of austenite grains
under higher temperatures up to 1000 ◦C during austenitization in comparison with V-free spring
steel [25–27], which contributes to higher strength of the steel after heat treatment.

Based on the above mentioned, the vanadium micro-alloying spring steel is supposed to provide
an excellent combination of strength and ductility under optimal parameters of heat treatment. At the
same time, the amount of RA and its distribution in the structure should be carefully studied because
RA could be a key factor in the production of the heat-treated steel with advanced properties. Hence,
the precise and reliable methods of RA assessment should be implemented.

2. Experimental Material and Methods

2.1. Material

A wire rod of vanadium micro-alloyed 0.6C-0.6Mn-1.4Si-0.6Cr (wt.%) spring steel was investigated
in this study. The chemical composition of the steel is presented in Table 1. A wire rod with a diameter
of 17.00 mm was produced by thermo-mechanical hot rolling and was cold drawn to a diameter of
15.50 mm preceding inductive heat treatment. The microstructure of hot rolled wire rod consisted
of a fine grain perlite-ferrite structure with a cementite lamellae of 17 nm and former austenite grain
size of G13.0 (an average grain diameter of 3.3 μm) according to ASTM E112 (Figure 1). The tensile
mechanical properties of hot rolled wire were: ultimate tensile strength (UTS) 1350 N/mm2 with a
reduction of area value of (Z) 46%.

Table 1. Chemical composition of the steel (in wt.%).

Element C Mn Si Cr V Ni Mo Fe

0.560 0.580 1.400 0.570 0.150 0.024 0.002 balanced

Figure 1. Austenite grain size and microstructure of hot rolled wire: (a) austenite grain size G13.0
according to ASTM E112; (b) cementite lamellae (transmission electron microscopy).
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Parameters of the induction heat treatment are presented in Table 2. All specimens were inductively
heated up to an austenitization temperature 850 ◦C. Then specimens were quenched by water spraying
(Q1–Q4 specimens) to the specified temperatures. Specimens Q1 and Q2 were quenched to 40 ◦C
and specimens Q3 and Q4 were quenched 100 ◦C below calculated martensite start temperature
MS = 280

◦
C (Equation (1)) [28]. Temperature Mf was estimated based on [29] as −50 ◦C with respect

to the carbon content in the steel.

Table 2. Parameters of the induction heat treatment.

Specimen Austenitization Temperature, ◦C Temperature after Quenching, ◦C Tempering Temperature, ◦C
Q1 850 40 -
Q2 850 40 -
Q3 850 180 -
Q4 850 180 -

QT1 850 40 460
QT2 850 40 420
QT3 850 180 460
QT4 850 180 300

Finally, specimens were inductively tempered at three different temperatures (Table 2) and cooled
by water spraying until the ambient temperature (QT1–QT4 specimens). Tempering temperatures
460 ◦C and 300 ◦C were chosen as the limit values for the heat treatment of silicon alloying steel
grades [20], and tempering temperature 420 ◦C was set in order to improve the strength characteristics
of the heat-treated spring steel.

It should be additionally mentioned that measurements of quenched specimens Q3 and Q4 were
considered as informative ones. Structural characteristics of these samples were affected by the slow air
cooling until ambient temperature after the interrupted quenching by water spraying to 180 ◦C before
the measurements, as the direct investigation under 180 ◦C required comprehensive in situ study. At
the same time, measurements of QT3 and QT4 specimens fully corresponded to the investigated heat
treatment parameters as they were tempered immediately after reducing to 180 ◦C.

MS(
◦C) = 521− 353C− 225Si− 24.3Mn− 27.4Ni− 17.7Cr− 25.8Mo (1)

Mechanical properties of the specimens were measured by means of the tensile test machine WPM
UPC 1200 for quenched and tempered conditions. Hardness maps for all specimens were obtained
by means of semi-automatic micro hardness equipment Durascan (Struers, Ballerup, Denmark),
method HV1.

Then, three different analytical methods were used in order to characterize the obtained
microstructures of specimens after heat treatment. The main focus was given to the amount of
RA, its distribution, and its effect on the mechanical properties of steel.

2.2. Neutron Diffraction

The first method was the neutron powder diffraction (ND), which provided the average information
from the whole bulk of the material. The room temperature diffraction patterns were collected on the
MEREDIT instrument (Nuclear Physics Institute, Řež, Czech Republic) [30] at the Nuclear Physics
Institute in Rez near Prague [31]. The mosaic copper monochromator (planes (220)) (Nuclear Physics
Institute, Řež, Czech Republic) was used to provide neutrons with a wavelength of 1.46 Å. Data were
collected between 4◦ and 144◦ of 2θ with a step of 0.08◦ 2θ. The samples were rotated along the vertical
axis during measurement to minimize the influence of the texture and the preferred orientation on the
phase fraction analysis. The full pattern structural refinements were performed using the program
FullProf (Version 6.30 - Sep2018, The FullProf Suite, France) [32]. For the microstructural analysis,
the instrument profile was obtained by fitting the diffraction pattern of the standard SiO2 powder
sample collected at the same conditions. Two sets of samples were investigated. The first set contained

55



Materials 2019, 12, 4063

the initial cylinders of as-prepared heat-treated specimens with a diameter of 15.5 mm. The second set
was manufactured from the first one after the ND measurements by removing the rim part. Only the
core of the original cylindrical specimens with a square profile and dimensions of 7.5 × 7.5 mm2 was
used. The 15 mm length of the specimens was kept constant for all the measurements.

2.3. Mössbauer Spectroscopy

Mössbauer spectroscopy is a nuclear resonance spectroscopic technique based on the physical
phenomenon of recoilless nuclear emission and resonant absorption of gamma rays [33]. This
experimental technique provides qualitative and quantitative analysis of materials (e.g., structural,
phase, and magnetic information) containing specific elements. The 57Fe isotope shows the most
favorable parameters for Mössbauer spectroscopy. The backscattering geometry allows us to analyze
surfaces of bulk materials. Hence, 57Fe Mössbauer spectroscopy has become a very important
experimental method in steel characterization. In this study, scattering method utilized the conversion
X-rays registration (the conversion X-rays Mössbauer spectroscopy—CXMS), which analyzes material
surface up to depths of 1–20 μm.

Nuclear hyperfine interactions can be analyzed by means of Mössbauer spectroscopy [34].
The hyperfine parameters are isomer shift, quadrupole splitting, and hyperfine magnetic splitting.
The isomer shift is a result of the Coulomb interaction between the nuclear/nuclei charge and the
electron charge [35]. The charges distributed asymmetrically around the atomic nucleus (electrons,
ions, and dipoles) increase the electric field gradient, which differs from zero on the site of nucleus.
These electric quadrupole interactions cause a splitting of the excited nuclear level [35] and provide the
information about bond properties and the local symmetry of iron site. [33,34,36]. The third hyperfine
parameter is magnetic splitting. This magnetic field can originate within the atom itself, within crystals
via exchange interactions, or it can be external one. The magnetic field (nuclear Zeeman effect) splits
the nuclear states [35].

The iron-phases analysis of the specimens was established by means of Mössbauer
Spectroscopy [37]. Polished non-etched metallographic cross-sections were prepared for all specimens.
The measurements were performed in a backscattering geometry at room temperature with a 57Co(Rh)
source, and spectra were recorded up to 512 channels. The isomer shift referred to the calibration of the
alpha-iron sample at room temperature. The Mössbauer spectra fitting procedure was carried out using
MossWinn (version 4.0, Author Dr. Zoltán Klencsár, Budapest, Hungary) [38] software. Paramagnetic,
γ-Fe, and RA phases were fitted by one singlet. Magnetically ordered phases (ferrites, α-Fe, and those
in the martensitic structure) represented by sextet components were fitted with a magnetic hyperfine
field distribution [37]. The fitting process was set as free for all parameters of the Mössbauer spectra.

2.4. Electron Backscatter Diffraction (EBSD) Analysis

The same cross-sections then were additionally used for EBSD analysis of the specimens Q1–Q4 in
order to obtain the information about phase distribution within the rim and core areas of the specimens.
Samples for EBSD were mechanically ground using SiC papers up to 4000 grit, and were polished
using colloidal silica with a 0.06 μm particle size. Finally, the specimens were electropolished using
900 mL acetic acid and 100 mL perchloric acid at 20 ◦C for 10 s in order to remove the strains induced
by mechanical preparation. The microstructures were investigated by scanning electron microscope
Tescan Lyra 3 equipped with a NordlysNano detector operating at an accelerating voltage of 20 kV with
the specimen tilted at 70◦. The EBSD data were analyzed using HKL Channel 5 (version 5.11.10405.0,
Oxford Instruments plc, Abingdon, United Kingdom) software developed by Oxford Instruments.
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3. Results and Discussion

3.1. Mechanical Properties

In order to visualize the inhomogeneity of the microstructure after fast induction heating,
the hardness maps were measured for all specimens (Figure 2). Average hardness values for all
specimens Q1–Q4 and QT1–QT4, along with the results of the tensile test, are shown in Table 3.

Table 3. Mechanical properties of the specimens.

Specimen
Ultimate Tensile
Strength, N/mm2 Reduction of Area, %

Average Hardness
Value, Method HV1

Q1 - - 864
Q2 - - 862
Q3 - - 780
Q4 - - 788

QT1 2114 35 635
QT2 2176 19 653
QT3 1815 36 580
QT4 1699 0 692

Based on the results of the tensile test, only samples QT1 and QT3 had the cup and cone fracture
pattern after the tensile test (Figure 3a,c) and could be used for the production of chassis components.
For specimen QT2 (Figure 3b), it had a non-round cup and a cone pattern, and specimen QT4 had a
brittle fracture pattern (Figure 3d), which indicates the low plasticity of these specimens; the suggested
schemes of the heat treatment (QT2 and QT4) with lower tempering temperatures are not appropriate
for the production of the chassis components with advanced properties.

3.2. Neutron Diffraction

The neutron powder diffraction technique has an advantage for when the necessity of the average
structural and microstructural information from a large volume is needed. All collected neutron
diffraction patterns showed the presence of two crystallographic phases. An example of a measured and
calculated neutron diffraction pattern of the specimen QT3 is presented in Figure 4. The minor phase
reflections can be indexed as a face-centered cubic (FCC) lattice with a cell parameter of about 3.58 Å.
This phase was recognized as RA. The major phase reflections could be within the first approximation
indexed as a body-centered cubic (BCC) lattice with a cell parameter of about 2.87 Å, which looked like
a fingerprint of the ferrite phase. From the crystallographic point of view, there was no possibility
to distinguish a difference between ferrite and low-carbon α-martensite phase. α-martensite had the
same lattice as ferrite, but due to the high dislocation and defect density, the strong microstructural
reflection broadening or asymmetry could be observed, but the quantitative evaluation of the phase
ration was not possible.

The detailed analysis of the neutron diffraction profile showed the significant reflection broadening
of both phases surpassing the instrument broadening (significant specimen contribution). It indicates the
presence of an increased microstrain in the specimens. In addition, in the case of the specimens Q1–Q4,
the shape of the reflections of the ferrite phase was found to be strongly asymmetric, indicating the
split of the cell parameters and the decrease of the symmetry from cubic to tetragonal. The appearance
of the tetragonality indicates the presence of the martensitic phase. The results of the structural and
microstructural analysis are depicted below.

57



Materials 2019, 12, 4063

Figure 2. Hardness mapping of the specimens, method HV1: (a) Q1; (b) QT1; (c) Q2; (d) QT2; (e) Q3;
(f) QT3; (g) Q4; (h) QT4.
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Figure 3. Fracture surface of the QT specimens: (a) QT1—cup and cone pattern; (b) QT2—non-round
cup and cone pattern; (c) QT3—cup and cone pattern; (d) QT4—brittle fracture.

Figure 4. Measured (red crosses) and calculated (black line) neutron diffraction pattern of the specimen
QT3 together with their difference (blue bottom line). Small vertical bars represent the Bragg positions
for ferrite and austenite, respectively.

The amount of RA calculated from the full pattern fitting is presented in Figure 5 as a function of
quenching and tempering temperatures, i.e., parameters of the heat treatment. The comparison of
the measurements of the whole specimen and the core area confirmed that the excessive amount of

59



Materials 2019, 12, 4063

RA was located at the specimen center. The reason for the higher amount of RA in the core area was
possibly the relatively slow heat transfer from the surface to the core during the quenching process,
which leads to the significantly slower and delayed transformation within the specimen core.

Figure 5. Weight fraction of retained austenite in (%).

In order to evaluate the influence of RA on the mechanical properties of the material, specimens
QT1 and QT3 should be compared. The amount of RA in the bulk of the specimen QT1 is 2.4 times
lower than in QT3, but both samples showed the reduction of area ≥35%, which is acceptable for the
production of chassis components. It indicates that ductility is not affected by the higher amount of
stabilized RA in the QT3 specimen, and it reaches similar values for both QT1 and QT3 specimens.
Contrarily, UTS and hardness show a significant decrease for the QT3 specimen with the higher amount
of the soft FCC (RA) phase.

The change in lattice parameter for ferrite/α-martensite and austenite, which perfectly describes
its evolution with respect to the different parameters of heat treatment, can be seen in Figure 6. As the
speed of induction heating was considered to be constant for all samples, it can be concluded that the
evolution of the lattice parameter was attributed to the different temperatures and, therefore, to the
carbon activity and its diffusion under such temperatures. The highest value of tetragonality, i.e., the c/a
parameter, was observed for quenched specimens Q1 and Q2 (1.008 in the bulk), which confirmed the
high amount of martensitic phase in the structure (Figure 6) [39]. On the contrary, the tetragonality of
all QT specimens was zero, which suggests that the tempering temperature was sufficient for carbon
diffusion from BCC lattice.

The lattice parameter for the FCC phase was the opposite of the BCC evolution. Obtained results
also correspond with the description of phase transformation in the TRIP C-Mn-Si sheet steel studied
by Yu et al. [40] by means of in situ neutron diffraction. Yu et al. attributed the expansion of the lattice
parameter of FCC to the carbon enrichment of RA, and expected the shrinkage of FCC lattice after
further tempering above 470 ◦C due to diffusion of the carbon from RA to ferrite.
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Figure 6. Lattice parameters: (a) body-centered cubic – ferrite; (b) face-centered cubic – austenite.

The evaluation of the reflection profile using an anisotropic strain-broadening model incorporated
in the FullProf program (Version 6.30 - Sep2018, The FullProf Suite, France) revealed an average
and directional μ-strain (combination of strain of type-II and type-III) of the individual phases.
Figures 7 and 8 show the values of the μ-strain for all specimens, both for the bulk and the core areas for
the ferrite and austenite phase, respectively. A strong directional asymmetry was found for the ferrite
phase (μ-strain along 100 is significantly higher than the one along 111, see Figure 7) in comparison
with the austenite phase where the asymmetry is minimal (represented by error bars in Figure 8).
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Figure 7. Distribution of μ-strain in BCC.

Figure 8. Distribution of μ-strain in FCC.

Specimens Q1 and Q2, which were quenched under the same conditions until ambient temperature,
had comparable values of the ferrite μ-strain. A small decrease of the ferrite μ-strain was observed
for Q3 and Q4 specimens, which were quenched to the higher temperature. All correlated tempered
specimens QT showed a significant decrease of the μ-strain. An increase for specimen QT4 is due to
the lowest tempering temperature 300 ◦C from the QT specimens.

The austenite μ-strain is smaller than in the ferrite phase. The values were comparable for all heat
treatment samples, except the QT3 specimen where it was significantly smaller. It is in good agreement
with the fact that the QT3 specimen had the highest RA content and also the highest hardness (see
Table 3) in comparison to other QT specimens. The effect of the tempering temperature on the austenite
μ-strain could be described by a comparison of μ-strain values in the core areas: the higher the
tempering temperature (460 ◦C), the lower μ-strain in the core area was observed. Tempering reduced
dislocation density and the μ-strain of phases depending on the tempering temperature. The quenched
steel has a high dislocation density of about 1015 m-2, which correlated with the μ-strain values that
was found by Harjo et al. [41]. Lower tempering temperature (420 ◦C) contributed to higher values of
μ-strain, i.e., internal stresses due to the dislocations and other intergranular defects, which could be
the reason for the lower plasticity of the QT2 specimen in comparison with specimen QT1 (Table 3).
An additional reason for the lower plasticity of the QT2 specimen could be tempering embrittlement,
which was studied in [20].

Specimen QT3 had the lowest value of austenite μ-strain for both core and rim areas, which could
be explained by the combination of initial low μ-strain after interrupted quenching and by following
the μ-strain release after sufficient tempering under 460 ◦C. Sample Specimen QT4, which was similarly
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quenched but tempered under 300 ◦C, had higher values of the μ-strain that is linked with the carbon
diffusion within the phases. As the carbon activity after heating up to 300 ◦C was low, the μ-strain
value of the sample QT4 could be considered to be very close to the value in the quenched Q4 and in
the Q3 specimen, respectively.

3.3. Mössbauer Spectroscopy

Backscattering the 57Fe Mössbauer spectroscopy results indicates the same shape for all the
Mössbauer spectra for the specimens. Figure 9 shows the recorded Mössbauer spectra for specimens
Q1 and QT1, as well as Q3 and QT3, (both core and rim) after implemented fitting. The intensity of the
austenite singlet lines was decreased for the QT1 specimen in comparison with Q1, which showed the
decrease in the amount of RA in both bulk and rim areas.

Selected parameters that resulted from the fitting of the obtained spectra are listed in Table 4.
With the amount of RA that is determined by spectral area of the phase in the spectrum (relative
to all iron-bearing phases in specimen), the following parameters were obtained and are presented:
δ—isomer shift and LW—spectral line width.

Table 4. Numerical results of the Mössbauer spectroscopy in comparison with neutron diffraction.

Specimen RA ± 1.00*, % δ ± 0.02, mm/s LW ± 0.05, mm/s
RA Measured by Neutron

Diffraction, %

Q1 bulk 7.10 −0.07 0.35 5.81 ± 0.16
Q1 rim 6.70 −0.09 0.33
Q2 bulk 6.80 −0.09 0.40 5.48 ± 0.16
Q2 rim 6.20 −0.10 0.37
Q3 bulk 8.60 −0.07 0.35 7.73 ± 0.16
Q3 rim 8.40 −0.05 0.31
Q4 bulk 8.60 0.02 0.39 7.22 ± 0.15
Q4 rim 8.40 −0.06 0.33

QT1 bulk 6.80 −0.14 0.49 5.76 ± 0.17
QT1 rim 6.10 −0.13 0.55
QT2 bulk 6.80 −0.12 0.41 5.91 ± 0.15
QT2 rim 3.40 −0.15 0.26
QT3 bulk 12.70 −0.12 0.44 14.13 ± 0.18
QT3 rim 9.40 −0.11 0.39
QT4 bulk 14.10 −0.12 0.44 13.77 ± 0.19
QT4 rim 12.60 −0.13 0.37

* The uncertainty of retained austenite measurement is 1%; however, we present the results with two decimal places
to highlight differences in measurement and fitting results.

Figure 9. Cont.
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Figure 9. Mössbauer spectra: (a) specimen Q1—bulk; (b) specimen Q1—rim area; (c) specimen
QT1—bulk; (d) specimen QT1—rim area; (e) specimen Q3—bulk; (f) specimen Q3—rim area;
(g) specimen QT3—bulk; (h) specimen QT3—rim area.

Isomer shifts had values of around 0.00 ± 0.07 mm/s. Q samples exhibited the average hyperfine
magnetic field B*hf in the interval 31.5 ± 0.5 T, while QT samples exhibited the B*hf in the interval 32.5
± 0.5 T. No iron carbides (cementite) were distinguished in the spectra, which would exhibit a sextet
component with a low Bhf value of ~20 T.

Only the Q4 bulk Mössbauer measurement exhibited a positive value for the RA isomer shift
δ = 0.02 mm/s, so the lowest value of the average hyperfine magnetic field B*hf = 31.0 T for the ferrite
was calculated. Oppositely, the QT2 rim Mössbauer measurement exhibited the lowest (negative)
value of RA isomer shift δ = −0.15 mm/s, and the highest value of ferrite average hyperfine magnetic
field B*hf = 32.9 T was also calculated. The QT2 rim specimen exhibited the lowest line width value
LW = 0.26 mm/s of an RA singlet pattern. Contrarily, the highest LW = 0.55 mm/s of RA singlet was
found for the QT1 rim specimen, which could inspire ideas of fitting the RA by a more complex way
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as a combination of a few singlets and/or doublets [42–47]. Hence, the structure of RA in such a case
could be discussed. The same recoilless fraction was taking into account for both austenite and ferrite
phases [43,45].

3.4. Electron Backscatter Diffraction (EBSD) Analysis

EBSD was the third method applied in this study for the quantitative analysis of the microstructure.
The method was based on the collecting of the diffracted patters (the Kikuchi bands) from the focus
electron beam in a scanning electron microscope with their following indexing in order to obtain the
complex information about microstructure, phase distribution, crystal orientation, and strain within
the polycrystalline material.

For all analyzed samples, the fine grain structure was observed. The results of the EBSD analysis
for specimen Q1 (both rim and core areas) are presented in Figure 10. The amount of indexed points
was on average 70–80% (Figure 10c,d) and the amount of the observed FCC fraction was about 0.01%
(Figure 10e,f), which was significantly low in comparison with the results obtained by the means of
neutron diffraction and the Mössbauer spectroscopy.

Based on obtained results, it can be suggested that the EBSD technique is limited in the evaluation
of the amount of RA. This method cannot be applied in order to evaluate the distribution of RA in high
carbon fine grain steels due to the relatively small size of RA films and also due to the high dislocation
density in phase boundaries. The same limitations were also observed by Hofer et al. [12] due to their
inability to resolve the ultra fine austenite films in the structure.

Figure 10. Cont.
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Figure 10. Results of the electron backscatter diffraction for specimen Q1: (a) quality image for rim
area; (b) quality image for core area; (c) crystal orientation map for rim area; (d) crystal orientation map
for core area; (e) phase map for rim area (blue—Fe BCC, white dots—Fe FCC); (f) phase map for core
area (blue—Fe BCC, white dots—Fe FCC).

4. Conclusions

In this study, four schemes of the inductive heat treatment were applied for the inductive heat
treatment of fine grain vanadium micro-alloyed spring steel in order to obtain the best combination of
high strength (above 2100 N/mm2) and sufficient ductility. The microstructures were studied by means
of three analytical methods, and the main focus was given to the assessment of RA. The analytical
techniques of neutron powder diffraction, Mössbauer spectroscopy, and EBSD analysis were applied.
and the results can be concluded as following:

• Neutron diffraction provided the results from the bulk of the material. Depending on the
quenching and tempering parameters, the measured amount of the RA was 5.8 (2) % for specimens
QT1 and QT2, which did not change significantly from the measured Q1 and Q2 specimens,
respectively. The amount of RA for specimens QT3 and QT4 was on average 14.0 (2) % because of
the interrupted quenching to 180 ◦C, in comparison with the quenching to 40 ◦C for specimens
QT1 and QT2. Additionally, RA was proven to distribute in the core area of the specimens due to
the fast inductive heat treatment, which provides a lower transformation speed in the core area of
the specimens in comparison with the surface layer.

• Backscattering the Mössbauer spectroscopy, a commercial newly developed method of RA
assessment, provided the results from a polished cross-section surface (depth up to 1–20 μm
from the surface) and showed a correlation with the neutron diffraction within the scatter range
(see Table 4). Mössbauer spectroscopy also confirmed the excessive amount of RA in the core area
of the specimens.

• The EBSD analysis is usually applied in order to describe the phase distribution in the
microstructure, and this study deals with the limitations of this method. Although, the average
amount of indexed points was 70–80%, the FCC phase was not resolved, which allowed the
prediction of the ultra-fine RA films in the microstructure.

• Due to higher content of silicon, RA was stabilized in the microstructure after tempering, which was
confirmed by the results of both the neutron diffraction and Mössbauer spectroscopy, and the
ultra-fine RA films around the martensitic phase were predicted by the EBSD method.

• Although stabilized RA did not deteriorate the ductility and plasticity of the inductive quenched
and tempered specimens QT1 and QT3, a high amount of the soft FCC phase reduced the tensile
strength and hardness of the heat-treated steel. Hence, the suggested interrupted quenching for
specimen QT3 was found to not be reliable for the production of inductive heat-treated spring
steel with advanced properties and a UTS above 2100 N/mm2.

• The differences in mechanical properties of the specimens QT after the heat treatment were
explained not only based on the amount of RA, but also based on the μ-strain in the BCC and
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FCC phases measured by neutron diffraction. Specimen QT1 had the best combination of strength
and plasticity due to a higher amount of martensite in the structure (after quenching to 40 ◦C)
and sufficient tempering (460 ◦C), which contributed to the increase of the tensile strength and
decrease of the μ-strain, especially in the core area, respectively. Lower tempering temperatures
lead to higher μ-strain values and they support the brittle fracture.
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Abstract: This paper describes and presents an experimental program of low-cycle fatigue tests of
austenitic stainless steel 08Ch18N10T at room temperature. The low-cycle tests include uniaxial
and torsional tests for various specimen geometries and for a vast range of strain amplitude.
The experimental data was used to validate the proposed cyclic plasticity model for predicting the strain-
range dependent behavior of austenitic steels. The proposed model uses a virtual back-stress variable
corresponding to a cyclically stable material under strain control. This internal variable is defined by
means of a memory surface introduced in the stress space. The linear isotropic hardening rule is also
superposed. A modification is presented that enables the cyclic hardening response of 08Ch18N10T
to be simulated correctly under torsional loading conditions. A comparison is made between the
real experimental results and the numerical simulation results, demonstrating the robustness of the
proposed cyclic plasticity model.

Keywords: austenitic steel 08Ch18N10T; cyclic plasticity; cyclic hardening; experiments; finite
element method; low-cycle fatigue

1. Introduction

Austenitic stainless steels, for example, 316L in PWR (pressurized water reactor) and 08Ch18N10T
in the Russian VVER concept (water–water power reactor), are usually used for components in primary
circuit reactor internals (a block consisting of guided tubes, a core barrel, a core barrel bottom and a
core shroud), in main primary pipes, and so forth. During their design life, these components must
withstand mechanical operational loads (e.g., pressure pulses and vibrations), thermal loads (regimes
such as heating up and shut-downs), corrosive loads and also irradiation. These regimes subject the
reactor internals to cyclic loading.

When designing or assessing the long term operation of existing structural components, it is
necessary to include fatigue evaluations. In the last decade, the finite element method (FEM) with
phenomenological models has mainly been used in practical applications [1]. A description and a
short history of the development of constitutive models of cyclic plasticity has been provided by
the authors in a previous publication [2]. Their goal is to describe as accurately as possible the
stress-strain behavior of the material, which is found on the basis of experiments under cyclic loading
conditions [3]. A small deviation in the stress-strain prediction can lead to a major fatigue error,
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especially in low cycle fatigue. In this case, stainless steels show cyclic hardening in the initial stage,
followed by cyclic softening [4,5]. This phenomenon depends on the strain range and also on the
type of loading. Non-proportional loading induces more cyclic hardening than proportional loadings.
The most sensitive materials are materials with low stacking fault energy, for example, austenitic
stainless steels [6]. Low-cycle fatigue tests of this type were presented for example, by Jin et al. in
Reference [7]. They presented results for 316L stainless steel under proportional and non-proportional
loadings. In another study, Xing et al. [8] presented the results of experimental testing on 316L stainless
steel under proportional and non-proportional loadings with various strain amplitudes. The authors
also presented a numerical study and compared the numerical results with the experimental data.
They used the visco-plastic numerical model, based on the Ohno-Wang kinematic hardening rule.

The temperature in VVER concept reactor usually does not exceed 350 ◦C in most components.
Temperature effect have significant influence, which is presented in Reference [9]. The additional
hardening due to non-proportional loading has been investigated by many authors. The basic concept
involves modifying the isotropic or kinematic hardening rule with a non-proportional parameter.
For example, Benallal and Marquis [10] introduced the non-proportional angle, which is defined
as the angle between the direction of the increment in plastic deformation and the direction of the
deviatoric stress. Another approach was introduced by Tanaka [11]. He introduced the fourth
rank tensor, which characterizes the internal dislocation structure of the material. This parameter is
dependent on the loading path.

The goal of all the studies mentioned above was to understand the behavior of the material
under specific cyclic loading conditions and to provide the material data for a better fatigue and
lifetime assessment of the structural parts. This paper follows up on the main author’s previous
paper [2] which presents some results of uniaxial low-cycle fatigue tests of austenitic stainless steel
08Ch18N10T at room temperature. The experimental program includes uniaxial tests of hourglass-type
specimens and is now extended by new results for notched specimens with 3 different notch geometries
considering strain amplitudes up to 3%. Torsional loading tests of notched-tube specimens are also
newly presented.

In a previous paper [2], the authors presented a new constitutive material model that is used for
finite element (FE) simulations of experiments on 08Ch18N10T material. The constitutive material
model is based on the Chaboche model. The proposed material model is in very good agreement
with uniaxial loading condition results. In this paper, the model has been modified to provide a better
description of the torsional loading. This modification also enables the cyclic hardening response
of 08Ch18N10T steel to be simulated correctly under torsional loading conditions. The constitutive
material model is based on the memory surface introduced in the stress space, which is analogous to the
theory of Jiang and Sehitoglu [12] for treating the impact of the strain amplitude on the stress response
of the material. The new theory is shown on the kinematic hardening rule based on Chaboche’s model
with three backstress parts. Recently, an approach has been introduced that takes into account a new
internal variable called virtual backstress, corresponding to a cyclically stable material. This provides
an easy way to identify the parameters and to reduce the number of material parameters. A comparison
between the real experimental results and the numerical simulation results demonstrates the robustness
of the constitutive plasticity model.

2. Experiments

The experimental section describes the low-cycle fatigue test measurements of specimens in pure
tension/compression mode and in torsion mode.

2.1. Experimental Setup

Pure axial tension-compression tests were carried out using a MAYES electromechanical testing
machine with a loading capacity of 100 kN. The test specimens were placed in MTS 646 hydraulic
collet grips to ensure repeatability of the alignment conditions in tensile/compression mode. The axial
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deformation of the specimens was controlled by an MTS 634.25 extensometer with an initial gage
length of 10 mm with a 50% measuring range, for uniform gage specimens and with an initial length
of 20 mm with a 20% measuring range, for elliptically-shaped specimens.

Pure torsion tests were conducted on an MTS Bionix servo-hydraulic testing machine with an axial
load capacity of 25 kN and 250 Nm in torsion. The test specimens were carefully mounted in MTS
647 hydraulic wedge grips and were tested with the axial load control set to zero. An EPSILON 3550
axial/torsional extensometer was employed to measure and control the torsional shear angle with a
range of ±2◦. The initial gauge length of the extensometer was 25 mm. The whole test setup is shown
in Figure 1.

These tests were conducted at room temperature and were loaded using a triangular waveform
at a strain rate of 0.002 s−1. During the experimental measurements all channels were recorded, for
example, time, force/torque, displacement/angle, axial/torsional extensometer, with a recording
frequency of 20 Hz.

The digital image correlation (DIC) was used for an analysis of the 3D deformation on the surface
of some specimens, see Figure 1. During cyclic loading, the frame rate was set to cover at least 20 fps
per one loading cycle. The MERCURY RT optical measuring system was used to capture and analyze
the 3D images. The configuration of the system consists of two 5 Mpx CMOS BONITO cameras with
circular polarizing filters to reduce the glare from the reflected surface of the specimen.

Figure 1. Experiment: (a) Experimental Setup, (b) digital image correlation (DIC) Snapshot of Specimen IDF-6.

The test setup (see Figure 1) on the MTS servo-hydraulic testing machine consists of hydraulic
wedge grips, a notched specimen and an EPSILON axial/torsional extensometer and a snapshot of
a notched specimen (see Figure 1) under a loading with a random contrast pattern, which the DIC
algorithm requires and a strain map on the surface.

The stochastic pattern on the surface of the specimen and two digital video cameras allows 3D strain
measurements throughout the fatigue life until fracture, with resolution of 1100 DPI (1 px = 0.22 μm).
In addition, the DIC system can continuously store all captured images in the computer memory.
The fatigue life of each loading condition takes at least several dozen of cycles, even tens of thousands
of cycles, which can generate up to hundreds of thousands of images to be processed. All captured
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images were processed later in post processing to prevent data loss. This loss occurs when the bitrate
increases while real-time processing is being used.

2.2. Experimental Program

The experimental program consists of 6 series of specimens. The first series is used for the material
parameter identification process. According to the ASTM E606 standard [13], the classic uniform-gage
geometry of a specimen is limited to a total strain amplitude of εa = 0.5%. For higher strain levels,
non-uniform hour-glass type geometry is required in order to prevent buckling. The material parameters
identification series (IDF) was therefore compiled from uniform-gage (UG) specimens (see Figure 2)
and non-uniform-gage specimens with an elliptical longitudinal section (E9, see Figure 2). To identify
the material parameters (described in detail in Reference [2]), it is necessary to know the stress-strain
curves in the cycles. For UG specimen geometry, tested according to Reference [13], this can be calculated
directly from the elongation of the extensometer and from the force measured during the experiment.
For E9 specimen geometry, the strain was measured by the DIC (due to the experimental setup, the strain
cannot be calculated directly from the elongation of the extensometer for non-uniform gage geometries).

12

R20

6 10

Lext = 10

a)

ellipse

18

4

6 10

Lext = 20

b)

Figure 2. IDF Specimen Geometry: (a) UG, (b) E9.

The next series consists of E9 geometry (see Figure 2), notch geometry with an R = 1.2 mm
(R1.2, see Figure 3), geometry with an R = 2.5 mm notch (R2.5, see Figure 3) and geometry with
an R = 5 mm notch (R5, see Figure 4). The last series is the notched tube geometry (NT, see Figure 4),
which was exposed to torsional loading.
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30◦

Lext = 20
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Figure 3. Notched Specimens: (a) R1.5, (b) R2.5.
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Figure 4. Notched and Notched Tube Specimens: (a) R5, (b) NT.

All boundary conditions of the experiments and their simulations are together with resulting
experimental lifetimes reported in Appendix A.

3. Constitutive Model with Strain Range Dependency

The concept of single yield surface plasticity with strain range dependency is used. Isothermal
conditions are considered, since the influence of the strain rate is not taken into account.
The constitutive model is described in detail in Reference [2], so just a brief recapitulation of some key
equations is presented here.

3.1. Cyclic Plasticity and Memory Surface

The plasticity function is defined as

f =

√
2
3
(s − a) : (s − a)− Y = 0, (1)

where s is the deviatoric part of stress tensor σ, a is the deviatoric part of back-stress α. The actual
yield surface size Y is defined as

Y = σy + R, (2)

where R is the isotropic variable and σY is the initial size of the yield surface. The accumulated plastic
strain increment dp is defined as

dp =

√
2
3

dεp : dεp. (3)

The superposition of the virtual back stress parts is defined as

αvirt =
M

∑
i=1

αi
virt, (4)

and for each part

dαi
virt =

2
3

Cidεp − γiα
i
virtdp. (5)

For 08Ch18N10T material, three backstress parts are taken into consideration, so M = 3.
The evolution of the memory surface size RM is directed by the following rule

dRM = H(g) 〈L : dαvirt〉 (6)
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where

g = ‖αvirt‖ − RM <= 0 (7)

and

L =
αvirt

‖αvirt‖ . (8)

3.2. Isotropic Hardening

The cyclic isotropic hardening is linear in p, defined incrementally as

dR = R0(RM)dp, (9)

where

R0(RM) = ARR2
M + BRM + CR for RM ≥ RM0 (10)

R0(RM) = ARR2
M0 + BRM0 + CR otherwise, (11)

where AR, BR, CR and RM0 are material parameters.

3.3. Kinematic Hardening

Chaboche’s kinematic hardening rule is used in this study. The backstress is composed of M parts

α =
M

∑
i=1

αi, (12)

the memory term is a function of memory surface RM and accumulated plastic strain p

dαi =
2
3

Cidεp − γiφ(p, RM)αidp, (13)

where M, Ci and γi are the same as in Equation (5). Function φ is defined as

φ(p, RM) = φ0 + φcyc(p, RM), (14)

where φ0 is a material parameter. φcyc is a function defined as follows

dφcyc = ω(RM) · (φ∞ + φcyc(p, RM)
)

dp (15)

φ∞(RM) = A∞R4
M + B∞R3

M + C∞R2
M + D∞RM + E∞ (16)

ω(RM) = Aω + BωR−Cω
M for RM ≥ RMω (17)

ω(RM) = Aω + BωR−Cω
Mω otherwise (18)

where A∞, B∞, C∞, D∞, E∞, Aω, Bω, Cω and RMω are material parameters.
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3.4. Modification for Torsional Loading

The original plasticity model shows very good prediction under uniaxial loading conditions [2].
The original model also predicts well for notched specimen geometries but produces an error of up
to about 15 % under shear stress loading conditions, as will be shown in Section 6. For a low loading
level (see Figure 5a)), where there is limited cyclic hardening, the prediction of the original model [2]
is satisfactory. For a high loading level (see Figure 5b)), the model overpredicts the cyclic hardening
under dominant shear stress loading conditions and the formulation of the material model needs to
be modified.

Figure 5. Original model under torsional loading: (a) specimen NT-1 (low loading level), (b) specimen
NT-6 (high loading level).

The first modification of the original model [2] is to separate the memory surface function into
two memory surfaces. Memory surface RM for the isotropic hardening part remains the same as in the
original model defined by the set of Equations (4)–(8). The new memory surface RMφ for the kinematic
hardening part is modified and is defined by analogy as

αvirtφ =
M

∑
i=1

αi
virtφ (19)

dαi
virtφ =

2
3

Cidεp − γiKαi
virtφdp, (20)

where

K = (δI J + (1 − δI J)Kshear), (21)
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where δI J is Kronecker delta, I, J are indexes of stress tensor σ and Kshear is a new material parameter.
The rest of the equations for defining the memory surface of the kinematic hardening part remain
analogous to the original model [2]:

dRMφ = H(gφ)
〈

Lφ : dαvirtφ
〉

(22)

where

gφ =
∥∥αvirtφ

∥∥− RMφ <= 0 (23)

and

Lφ =
αvirtφ∥∥αvirtφ

∥∥ . (24)

A quick analysis of this modified formulation shows that it provides practically the same
prediction in uniaxial loading conditions (because RMφ � RM) as the original formulation. However,
depending on the value of Kshear, it can give a different prediction under shear loading conditions:
it is more effective for higher loading levels than for lower loading levels and it can reduce the over
prediction of the model for Kshear > 1.

The second modification to the original model [2], also associated with the memory surface,

is to omit limits RMω and RM0 and to set boundaries of the memory surfaces instead: Rmin
M and

Rmax
M . The value of the memory surface RM and RMφ used for controlling the isotropic and kinematic

hardening part can lie only between these two bounds. For simplification and for mathematically

correct expression, the memory surface size that is used, Rused
M , is defined as

Rused
M = Rmin

M for RM < Rmin
M (25)

Rused
M = RM for Rmin

M < RM < Rmax
M (26)

Rused
M = Rmax

M for RM > Rmax
M (27)

and analogously for Rused
Mφ . The variable RM in Equations (13)–(18) of the original model is simply

replaced by variable Rused
Mφ . The modified form of the kinematic hardening equations is now

dαi =
2
3

Cidεp − γiφ(p, Rused
Mφ )αidp (28)

φ(p, Rused
Mφ ) = φ0 + φcyc(p, Rused

Mφ ) (29)

dφcyc = ω(Rused
Mφ ) ·

(
φ∞ + φcyc(p, Rused

Mφ )
)

dp (30)

φ∞(Rused
Mφ ) = A∞(Rused

Mφ )4 + B∞(Rused
Mφ )3 + C∞(Rused

Mφ )2 + D∞Rused
Mφ + E∞ (31)

ω(Rused
Mφ ) = Aω + Bω(Rused

Mφ )−Cω . (32)
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The third modification of the original model [2] is the definition of the formulation of isotropic
hardening as a non-linear formulation in p as

dR = AR · exp(BR · Rused
M ) · pCR , (33)

where AR, BR and CR are material parameters. This very important modification deserve a short analysis.
In the original model [2], for cyclic loading, the actual yield stress Y increases practically linearly with
the number of cycles. This means that with many cycles, the actual yield stress Y can theoretically go
higher than the total stress amplitude and the computed deformation becomes only elastic.

4. Identification of Material Parameters

The material parameter identification process for 08Ch18N10T is based on knowing the shape of
the stress-strain hysteresis loops during the fatigue life. A total of twelve uniaxial specimens and eight
torsional specimens are used for the identification process. This is described in detail in References [14]
and [2], so just a brief recapitulation of the key steps updated by the unique features of the proposed
modification to the material model is done here.

The Young modulus E, the Poisson ratio μ and the yield strength σy are obtained from a tensile
test. The actual yield strength evolution during the fatigue life is determined using the root mean
square error method. Chaboche material parameters C1, γ1, C2, γ2, C3, γ3 are identified from two
selected hysteresis loops (the bigger loop and the smaller loop).

The first guess of the memory surface size RM for each specimen is computed. It is assumed here

that RMφ � RM. Boundary parameters Rmin
M and Rmax

M are simply the maximum and minimum values

of RM computed in the identification process.
The actual yield stress is fitted as a function of Rused

M and parameters AR, BR, CR are found from
Equation (33).

Using the experimental data from the tensile test and performing a simulation of this test,
parameter φ0 is found based on the Equation (13) as an optimal value of φ. The value of function φ from
Equation (13) is found, using a similar optimization process as for determining the Chaboche material
parameters. φ∞ is the value of φ for n = Nd, where Nd is the number of cycles after which the crack
occurs on the specimen and the force starts to drop during the experiment. From Equation (16), φ∞ is
then set as a function of Rused

M by finding material parameters A∞, B∞, C∞, D∞, E∞.
For each NT geometry specimen tested, the Error value in each cycle between the experimental

amplitude of torque Ta exp and the simulation amplitude of torque Ta sim can be defined as

Error = (Ta exp − Ta sim)/Ta exp · 100 [%]. (34)

The MeanError over all cycles is calculated as

MeanError =
1

Nd

Nd

∑
n=1

Errorn, (35)

where index n is the number of cycles. The total error over all NT geometry specimens tested is defined as

TotalError =
1
S

S

∑
s=1

MeanErrors, (36)

where s is the NT specimen index and S = 8 is the total number of NT specimens tested (see Table A3
in Appendix A for details).

For the different Kshear from Equation (21), the TotalError value is captured in Figure 6. The final
Kshear material parameter is identified as the optimal value of Kshear where the TotalError is minimal.
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Figure 6. Identification of material parameter Kshear.

The material value parameters are presented in Table 1.

Table 1. Material parameters of the new proposed model for 08Ch18N10T.

E [MPa] ν σy [MPa] C1 [MPa] γ1 C2 [MPa]

210,000 0.3 150 63,400 148.6 10,000

γ2 C3 [MPa] γ3 A∞ B∞ C∞

911.4 2000 0 −1.3127 × 10−9 1.7981 × 10−6 −8.6705 × 10−4

D∞ F∞ AR [MPa−1] BR CR [MPa] Rmin
M [MPa]

1.6678 × 10−1 −10.600 3.0113 × 10−1 1.4865 × 10−1 1.1818 × 10−2 130.54

Aω Bω Cω Rmax
M [MPa] φ0 Kshear

0 2.0024 × 10−13 −4.8591 506.59 2.3178 1.5

The experimental data from the IDF series of experiments can also be plotted into fatigue diagram
εa-Nf , where Nf is the number of cycles to failure and εa is the amplitude of the total strain. Due to
the experimental setup, εa is not completely constant during the experiment in the case of E9 geometry

(during the experiments, the amplitude of extensometer elongation ΔLext
2 is controlled to be constant,

so for UG geometry the εa is also constant but it is not completely constant for E9 geometry), so the mean
value during the experiment is plotted. Fatigue data are shown in Figure 7. Other lifetimes are reported
in the form of tabular data in Appendix A.

80



Materials 2019, 12, 4243

Figure 7. Fatigue data of the IDF series of experiments.

5. FE Simulations

The geometry of most specimens is not uniform, so the non-uniform stress and strain field in
their cross-section are expected and FEA must be used for simulations. The constitutive model is
implemented into Abaqus FE software using the USDFLD subroutine. FE models of each of the
tested geometries were created, see Figures 8–10. The symmetry boundary condition is defined on the
right edge of the model. The left edge of the model always corresponds with the cross-section where
the extensometer is attached to the body of the specimen during the experiment. The displacement
boundary condition on the upper edge of the FE model is created with the same amplitude value as
was recorded from the extensometer during the experiment. Abaqus CAX8R mesh elements are used
for the axisymmetric models and C3D8R elements are used for the NT geometry, which is a 3D model
with cyclic symmetry. The element size in fine mesh areas has been determined using sensitivity study
to 0.1 mm.

The Abaqus Chaboche plasticity material model with combined hardening and the USDFLD
subroutine is used. The equations of the constitutive model are coded into the USDFLD subroutine for

calculating the actual memory surfaces size Rused
M and Rused

Mφ , which, combined with the accumulated

plastic strain p, determines the actual yield stress Y, the value of function φ and the memory term of
the Chaboche model φ · γi. The full Abaqus USDFLD subroutine code written in Fortran is available in
Appendix B.

This subroutine makes possible to use the material model presented here in engineering
computations. Combined with the material parameters identification process described in Section 4,
it can also be used for other materials.
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(a) (b)

Figure 8. FE model: (a) UG, (b) E9.

(a) (b)

Figure 9. FE model: (a) R1.2, (b) R2.5.

(a) (b)

Figure 10. FE model: (a) R5, (b) NT.

6. Experimental and Simulation Results

The implementation of the plasticity model presented here (including the presented modification)
into FE code was verified using FE simulations of all experiments mentioned in Section 2.2.
The following figures show some results of experiments and their FE simulations. Due to the large
scale of the experimental program, only two representative specimens with low and high load levels
were selected for demonstration in this section. The results of remaining specimens are presented in
the form of error values in following tables. The compared variables in each figure are the amplitudes
of the force measured during the experiment (Fa exp) and computed by the FE simulations (Fa sim).
Two constitutive models are shown—the original model [2] and the modified model presented in this
paper. The actual error between each FE simulation and the experiment and the mean error value,
are also displayed.

The error between the experiment and the FE simulation in each cycle n is calculated simply as

Error =
Fa exp − Fa sim

Fa exp
× 100 %. (37)

The mean error and the total error are calculated using Equations (35) and (36) considering
corresponding number of specimens in the series.

The Figure 11 and Table 2 show the experimental and simulation results of E9 geometry series
representing the uniaxial loading conditions. The prediction capability of these two models is comparable.
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(a) (b)

Figure 11. Amplitude of force—experiment vs. simulations [2]: (a) E9-1, (b) E9-17.

Table 2. Mean error of all E9 specimens tested—experiment vs. simulations [2].

Specimen Orig. Model Mod. Model Specimen Orig. Model Mod. Model
Name Mean Err. [%] Mean Err. [%] Name Mean Err. [%] Mean Err. [%]

E9-1 2.9226 1.8207 E9-10 7.8144 8.8757
E9-2 2.3311 1.2756 E9-11 2.5028 3.9003
E9-3 2.4027 1.1938 E9-12 4.3523 6.5915
E9-4 1.6977 0.7773 E9-13 4.0929 3.4343
E9-5 8.0687 7.0447 E9-14 2.1610 3.8515
E9-6 8.8658 7.4521 E9-15 2.9195 2.9485
E9-7 11.7310 10.4229 E9-16 1.8601 2.7524
E9-8 3.8241 3.9171 E9-17 4.9766 2.7579
E9-9 9.8245 9.5508

The NT geometry series results are in Figure 12 and Table 3. In this case, the compared variables
are the amplitudes of the torque measured during the experiment (Ta exp) and computed by the
FE simulations (Ta sim). The errors are calculated using Equations (34)–(36). For this geometry,
the difference in the prediction capability of the original model and the modified model is not the
same—the modified model provides a better prediction of the cyclic hardening of the material under
torsional loading for high loading levels.

Finally, the notched specimen geometry series R1.2, R2.5 and R5 follows on Figures 13–15 and
Tables 4–6. The stress field in the cross-section of these specimens is no longer uniaxial and the
prediction capabilities of both models are also comparable.
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(a) (b)

Figure 12. Amplitude of force—experiment vs. simulations: (a) NT-1, (b) NT-6.

Table 3. Mean error of all NT specimens tested—experiment vs. simulations.

Specimen Orig. Model Mod. Model Specimen Orig. Model Mod. Model
Name Mean Err. [%] Mean Err. [%] Name Mean Err. [%] Mean Err. [%]

NT-1 1.9100 4.0682 NT-5 14.2137 1.3947
NT-2 0.8367 5.9823 NT-6 15.5549 2.2815
NT-3 11.2048 1.3797 NT-7 13.1168 1.5014
NT-4 11.1021 1.0934 NT-8 8.8054 4.7887

Table 4. Mean error of all R1.2 specimens tested—experiment vs. simulations.

Specimen Orig. Model Mod. Model Specimen Orig. Model Mod. Model
Name Mean Err. [%] Mean Err. [%] Name Mean Err. [%] Mean Err. [%]

R1.2-1 2.8075 2.4172 R1.2-10 1.6518 1.7538
R1.2-2 3.7011 3.1679 R1.2-11 2.0827 2.2332
R1.2-3 2.2438 2.2027 R1.2-12 3.9411 3.2028
R1.2-4 2.8530 2.7056 R1.2-13 2.5308 3.1540
R1.2-5 2.8984 2.7105 R1.2-14 1.4521 1.8444
R1.2-6 4.7877 4.4405 R1.2-15 3.6781 2.6435
R1.2-7 1.4888 1.4897 R1.2-16 1.5820 1.9106
R1.2-8 7.1382 6.7943 R1.2-17 1.6089 2.5930
R1.2-9 2.4171 2.2355 R1.2-18 1.2789 2.2219
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(a) (b)

Figure 13. Amplitude of force—experiment vs. simulations: (a) R1.2-1, (b) R1.2-18.

(a) (b)

Figure 14. Amplitude of force—experiment vs. simulations: (a) R2.5-1, (b) R2.5-21.
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Table 5. Mean error of all R2.5 specimens tested—experiment vs. simulations.

Specimen Orig. Model Mod. Model Specimen Orig. Model Mod. Model
Name Mean Err. [%] Mean Err. [%] Name Mean Err. [%] Mean Err. [%]

R2.5-1 7.3714 7.1025 R2.5-12 2.1944 1.6489
R2.5-2 8.1586 7.6327 R2.5-13 1.2466 1.0057
R2.5-3 9.1468 8.6587 R2.5-14 8.7778 9.1473
R2.5-4 6.8139 6.8130 R2.5-15 2.6624 3.0678
R2.5-5 6.6714 6.6118 R2.5-16 1.4643 1.3563
R2.5-6 9.9838 9.1708 R2.5-17 0.9873 1.5697
R2.5-7 4.3249 3.4860 R2.5-18 1.4020 1.4515
R2.5-8 3.8551 3.8250 R2.5-19 1.6099 2.6423
R2.5-9 1.0034 0.9027 R2.5-20 0.9634 2.4069
R2.5-10 4.7921 4.9816 R2.5-21 4.1944 3.2605
R2.5-11 1.9673 2.1464

(a) (b)

Figure 15. Amplitude of force—experiment vs. simulations: (a) R5-1, (b) R5-24.

Table 6. Mean error of all R5 specimens tested—experiment vs. simulations.

Specimen Orig. Model Mod. Model Specimen Orig. Model Mod. Model
Name Mean Err. [%] Mean Err. [%] Name Mean Err. [%] Mean Err. [%]

R5-1 2.1303 1.4186 R5-13 6.7479 6.8700
R5-2 2.0673 1.8112 R5-14 5.1055 5.4414
R5-3 0.7021 0.8284 R5-15 1.3043 1.4251
R5-4 0.9757 0.9284 R5-16 1.1829 1.3661
R5-5 1.4847 1.4209 R5-17 3.6903 3.6048
R5-6 1.7435 1.6993 R5-18 3.1399 2.9518
R5-7 2.9066 2.7548 R5-19 6.1649 6.1226
R5-8 5.3372 5.4106 R5-20 2.8263 2.6683
R5-9 4.9004 4.5530 R5-21 1.0485 1.2882
R5-10 2.3623 2.6227 R5-22 8.2167 7.6119
R5-11 7.0110 6.8065 R5-23 2.2011 1.6441
R5-12 2.3912 3.1025 R5-24 3.5803 3.1425
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7. Discussion

As has been shown in the previous sections, the model proposed in Reference [2] can capture very
well the static and cyclic stress-strain curve for uniaxial loading conditions with a reasonable number
of material parameters. Using the modification proposed in this paper, with only two extra material
parameters, the error under torsional loading conditions can be reduced significantly, without any
harm under uniaxial loading conditions, as is shown in Table 7, where the total errors (defined in
Equation (36)) are summarized. Both models also produce very good predictions for notched specimen
geometries, where the stress-strain field is not uniaxial.

In Figures 11–15, the range of response quantity axis has been chosen to make visible the difference
between experimental values and predicted ones. That is why the error seems to be higher than actually
is. This is true especially in case of the lowest strain amplitude.

In the calibration process dealing with torsional loading, the Kshear value is found as a compromise
between all loading levels, so the proposed modification improves prediction for most, but not all,
specimens tested (see Tables 3 and 7).

Table 7. Total error comparison between the original model and the modified model.

Geometry
The Original Nodel [2] The Modified Model

Total Error [%] Total Error [%]

E9 4.84 4.61
NT 9.60 2.85
R1.2 2.79 2.76
R2.5 4.27 4.23
R5 3.30 3.23

It should be pointed out that presented tests consist only of single loading modes. Combinations
of these modes, for example, proportional and also non-proportional combination of tension and
torsion probably induces cyclic non-proportional hardening and another cyclic phenomenons. These
conditions are also limiting for eventual FE analysis on the real components. Combined loading
conditions considering proportional as well as non-proportional loading are potential topics for future
investigation.

8. Conclusions

This paper has described the experimental setup and the experimental program for a low-cycle
fatigue test of 08Ch18N10T austenitic stainless steel. Using FE simulations, material model [2]
capable of capturing the strain-range dependent cyclic hardening has been newly verified on
notched specimens, where the stress-strain field is non-uniform and for torsional loading. With
a newly proposed modification, model can correctly simulate cyclic hardening also for shear stress
loading conditions.

The extensive experimental program was subsequently completely simulated. The Chaboche
plasticity model combined with non-linear isotropic hardening has already been implemented into
Abaqus commercial FE software. The model presented here can easily be implemented into Abaqus
using the USDFLD subroutine as a simple extension of the Abaqus default cyclic plasticity model.
The full Fortran code of subroutine can be found in Appendix B. This implementation makes the
proposed model ready to use for some engineering computations. The usage limitations are given by
the conditions under which the model has been tested (simple, uncombined loading).

The original cyclic plasticity model presented in [2] provides a good prediction of the cyclic
response of uniaxial and notched specimens. With the modification for torsional loading that has
been presented here, it can also provide a good prediction of cyclic hardening under torsional loading
conditions. It can also easily be applied to the Abdel-Karim-Ohno model or to a modified version with
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promised ratcheting prediction [8]. The model can be extended by standard techniques for use in the
area of viscoplasticity [15].

The calibration of the cyclic plasticity model was described briefly in this paper and was used with
experimental data available for 08Ch18N10T. In future work, an automated process for identifying
material parameters could be prepared in a similar way as in [16]. Some authors of this paper also work
on the material parameters identification using results from DIC measurements in order to reduce
number of necessary specimens for recently expensive technologies of 3D printing of metals [17].
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Appendix A. Boundary Conditions of Simulations

Table A1. Boundary conditions of IDF specimens.

Specimen Name Geometry Type ΔLext [mm] Nd

IDF-1 UG 0.030 37509
IDF-2 UG 0.050 4285
IDF-3 UG 0.075 916
IDF-4 UG 0.100 580
IDF-5 UG 0.125 254
IDF-6 E9 0.132 159
IDF-7 E9 0.154 381
IDF-8 E9 0.176 370
IDF-9 E9 0.198 161
IDF-10 E9 0.245 156
IDF-11 E9 0.264 124
IDF-12 E9 0.353 93
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Table A2. Boundary conditions of E9 specimens.

Specimen Name Geometry Type ΔLext [mm] Nd

E9-1 E9 0.0447 13382
E9-2 E9 0.0446 15104
E9-3 E9 0.0662 4053
E9-4 E9 0.0662 3887
E9-5 E9 0.0881 1529
E9-6 E9 0.0880 1853
E9-7 E9 0.1100 1158
E9-8 E9 0.1100 631
E9-9 E9 0.1320 748

E9-10 E9 0.1540 546
E9-11 E9 0.1770 406
E9-12 E9 0.1980 332
E9-13 E9 0.2200 253
E9-14 E9 0.2420 181
E9-15 E9 0.2420 195
E9-16 E9 0.2640 220
E9-17 E9 0.3520 128

Table A3. Boundary conditions of NT specimens.

Specimen Name Geometry Type Δφext [◦] Nd

NT-1 NT 0.8703 5006
NT-2 NT 0.8694 6894
NT-3 NT 1.1423 2222
NT-4 NT 1.1414 2289
NT-5 NT 1.4031 2045
NT-6 NT 1.3772 1532
NT-7 NT 1.6554 1170
NT-8 NT 2.1492 925

Table A4. Boundary conditions of R1.2 specimens.

Specimen Name Geometry Type ΔLext [mm] Nd

R1.2-1 R1.2 0.0245 1429
R1.2-2 R1.2 0.0246 946
R1.2-3 R1.2 0.0326 715
R1.2-4 R1.2 0.0406 523
R1.2-5 R1.2 0.0407 490
R1.2-6 R1.2 0.0489 290
R1.2-7 R1.2 0.0485 356
R1.2-8 R1.2 0.0560 241
R1.2-9 R1.2 0.0563 256

R1.2-10 R1.2 0.0639 134
R1.2-11 R1.2 0.0642 202
R1.2-12 R1.2 0.0721 171
R1.2-13 R1.2 0.0718 164
R1.2-14 R1.2 0.0794 112
R1.2-15 R1.2 0.0868 145
R1.2-16 R1.2 0.0869 114
R1.2-17 R1.2 0.0945 96
R1.2-18 R1.2 0.0944 105
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Table A5. Boundary conditions of R2.5 specimens.

Specimen Name Geometry Type ΔLext [mm] Nd

R2.5-1 R2.5 0.0228 5875
R2.5-2 R2.5 0.0341 1245
R2.5-3 R2.5 0.0340 1041
R2.5-4 R2.5 0.0454 607
R2.5-5 R2.5 0.0454 761
R2.5-6 R2.5 0.0568 378
R2.5-7 R2.5 0.0567 429
R2.5-8 R2.5 0.0718 242
R2.5-9 R2.5 0.0679 346

R2.5-10 R2.5 0.0794 265
R2.5-11 R2.5 0.0791 212
R2.5-12 R2.5 0.0904 210
R2.5-13 R2.5 0.0903 221
R2.5-14 R2.5 0.1015 205
R2.5-15 R2.5 0.1015 163
R2.5-16 R2.5 0.1126 189
R2.5-17 R2.5 0.1126 156
R2.5-18 R2.5 0.1237 132
R2.5-19 R2.5 0.1237 129
R2.5-20 R2.5 0.1419 106
R2.5-21 R2.5 0.1346 114

Table A6. Boundary conditions of R5 specimens.

Specimen Name Geometry Type ΔLext [mm] Nd

R5-1 R5 0.0308 4427
R5-2 R5 0.0461 1700
R5-3 R5 0.0457 1072
R5-4 R5 0.0603 733
R5-5 R5 0.0589 953
R5-6 R5 0.0727 623
R5-7 R5 0.0747 527
R5-8 R5 0.0893 342
R5-9 R5 0.0869 543

R5-10 R5 0.1050 297
R5-12 R5 0.1010 374
R5-13 R5 0.1154 264
R5-14 R5 0.1156 290
R5-15 R5 0.1146 228
R5-16 R5 0.1287 152
R5-17 R5 0.1276 272
R5-18 R5 0.1418 179
R5-19 R5 0.1467 155
R5-20 R5 0.1403 177
R5-21 R5 0.1540 163
R5-22 R5 0.1531 174
R5-23 R5 0.1663 144
R5-24 R5 0.1685 189
R5-25 R5 0.1652 163
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Appendix B. Abaqus USDFLD Subroutine

Appendix B.1. Full Fortran Code of Abaqus USDFLD Subroutine

C Mater ia l model by Miro Fumfera C
C vers ion 2019−11−10 C
CCCCCCCCCCCCCCCCCCCCCCCCCCCCCCCCCC
C USDFLD Subroutine f o r 08Ch18N10T A u s t e n i t i c S t a i n l e s s S t e e l
C Or ig ina l modely by Radim Halama
C modified by Miro Fumfera f o r 08Ch18N10T

SUBROUTINE USDFLD( FIELD , STATEV,PNEWDT, DIRECT , T , CELENT,
1 TIME , DTIME,CMNAME,ORNAME, NFIELD ,NSTATV,NOEL, NPT, LAYER,
2 KSPT , KSTEP , KINC, NDI ,NSHR,COORD,JMAC, JMATYP,MATLAYO,LACCFLA)
INCLUDE ’ABA_PARAM. INC ’
CHARACTER∗80 CMNAME,ORNAME
CHARACTER∗3 FLGRAY( 1 5 )
DIMENSION FIELD (NFIELD ) ,STATEV(NSTATV) , DIRECT ( 3 , 3 ) , T ( 3 , 3 ) , TIME ( 2 )
DIMENSION ARRAY( 1 5 ) , JARRAY( 1 5 ) ,JMAC( ∗ ) , JMATYP( ∗ ) ,COORD( ∗ )
parameter ZERO=0D0 ,ONE=1D0 ,TWO=2D0 ,THREE=3D0 , TOLER=1D−12,

+ NTENS=6 !NTENS=4 f o r Axisymetric , NTENS=6 f o r 3D
r e a l ∗8 RMused ,RM,RMmax,RMmin,oRM,dRM, RMRused ,RMR,oRMR,dRMR,

+ heavisideG ,DDP,G, DirVec (NTENS) , DirVecR (NTENS)
r e a l ∗8 ALPHAv(NTENS) ,dALPHA1v(NTENS) ,ALPHA1v(NTENS) ,

+ dALPHA2v(NTENS) ,ALPHA2v(NTENS) ,dALPHA3v(NTENS) ,ALPHA3v(NTENS) ,
+ dALPHAv(NTENS) ,oALPHAv(NTENS) ,magALPHAv

r e a l ∗8 ALPHAr(NTENS) ,dALPHA1r(NTENS) ,ALPHA1r(NTENS) ,
+ dALPHA2r(NTENS) ,ALPHA2r(NTENS) ,dALPHA3r(NTENS) ,ALPHA3r(NTENS) ,
+ dALPHAr(NTENS) ,oALPHAr(NTENS) ,magALPHAr

r e a l ∗8 EPLAS(NTENS) , oEPLAS(NTENS) , dEPLAS(NTENS) ,EQPLAS, oEQPLAS,
+ dEQPLAS,FLOW(NTENS)

r e a l ∗8 R , oR , dR ,AR, BR , CR, ER
r e a l ∗8 Phi Inf ty , dPHIcyc , PHIcyc , oPHIcyc , PHI0 , PHI
r e a l ∗8 AInfty , BInfty , CInfty , DInfty , EInf ty
r e a l ∗8 AOmega, BOmega , COmega
r e a l ∗8 KShear
r e a l ∗8 C1 ,GAMMA1, C2 ,GAMMA2, C3 ,GAMMA3
i n t e g e r K1 , iEPLAS , iALPHA1v , iALPHA2v , iALPHA3v , iEQPLAS , iRM , iPHI ,

+ iPHIcyc , iALPHAv, iR , iFIELD1 , iFIELD2 , iALPHA1r , iALPHA2r , iALPHA3r ,
+ iRMR, iALPHAr

parameter ( iEPLAS=7 ,iALPHA1v=31 ,iALPHA2v=37 ,iALPHA3v=43 ,iEQPLAS=49 ,
+ iR =50 ,iRM=51 , iPHI =52 , iPHIcyc =53 , i P h i I n f t y =54 ,iRMR=61 ,iALPHA1r=71 ,
+ iALPHA2r=77 ,iALPHA3r=83 , iRMRused=95 , iRMused=96 ,iALPHAv=97 ,
+ iALPHAr=94 , iFIELD1 =98 , iFIELD2 =99)

C Mater ia l parameters
C1 = 6.339971 e+04
GAMMA1 = 1.485569 e+02
C2 = 9.999778 e+03
GAMMA2 = 9.113512 e+02
C3 = 2000
GAMMA3 = 0
SYIELD = 150
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PHI0 = 2 .317802 e+00
AInfty = −1.312737e−09
BInf ty = 1 .798138 e−06
CInfty = −8.670490e−04
DInfty = 1 .667770 e−01
EInf ty = −1.060028 e+01
RMmin = 1.305410 e+02
RMmax = 5.065918 e+02
BR = 3.011316 e−01
CR = 1.486489 e−01
ER = 1.181843 e−02
AOmega = 0
BOmega = 2.002387 e−13
COmega = −4.859126 e+00
KShear = 1 . 5 0

C get PE components
c a l l GETVRM( ’ PE ’ ,ARRAY, JARRAY,FLGRAY, JRCD ,JMAC, JMATYP,

+ MATLAYO,LACCFLA)
C EQPLAS

EQPLAS = ARRAY( 7 )
oEQPLAS = STATEV( iEQPLAS )
dEQPLAS = EQPLAS − oEQPLAS

C get PE
do K1=1 ,NTENS

oEPLAS(K1) = STATEV( iEPLAS−1+K1)
EPLAS(K1) = ARRAY(K1)
dEPLAS(K1) = EPLAS(K1) − oEPLAS(K1)

enddo
C get ALPHAv

do K1=1 ,NTENS
ALPHA1v(K1) = STATEV(iALPHA1v−1+K1)
ALPHA2v(K1) = STATEV(iALPHA2v−1+K1)
ALPHA3v(K1) = STATEV(iALPHA3v−1+K1)
oALPHAv(K1) = STATEV(iALPHAv−1+K1)

ALPHA1r(K1) = STATEV( iALPHA1r−1+K1)
ALPHA2r(K1) = STATEV( iALPHA2r−1+K1)
ALPHA3r(K1) = STATEV( iALPHA3r−1+K1)
oALPHAr(K1) = STATEV( iALPHAr−1+K1)

enddo
C get FLOW vector

i f (dEQPLAS . gt .ZERO) then
do K1=1 ,NDI

FLOW(K1) = dEPLAS(K1)/dEQPLAS
enddo
do K1=NDI+1 ,NTENS

FLOW(K1) = dEPLAS(K1)/TWO/dEQPLAS
enddo

e l s e
do K1=1 ,NTENS
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FLOW(K1) = ZERO
enddo

endi f
C RM

RM = STATEV(iRM)
oRM = RM

C dALPHAv
do K1=1 , NDI

dALPHA1v(K1) = (TWO/THREE∗C1∗dEQPLAS∗FLOW( K1) −
+ GAMMA1∗ALPHA1v(K1)∗dEQPLAS) / (ONE+GAMMA1∗dEQPLAS)

dALPHA2v(K1) = (TWO/THREE∗C2∗dEQPLAS∗FLOW( K1) −
+ GAMMA2∗ALPHA2v(K1)∗dEQPLAS) / (ONE+GAMMA2∗dEQPLAS)

dALPHA3v(K1) = (TWO/THREE∗C3∗dEQPLAS∗FLOW( K1) −
+ GAMMA3∗ALPHA3v(K1)∗dEQPLAS) / (ONE+GAMMA3∗dEQPLAS)

ALPHAv(K1) = (ALPHA1v(K1)+dALPHA1v( K1 ) ) +
+ (ALPHA2v(K1)+dALPHA2v( K1 ) ) + (ALPHA3v( K1)+dALPHA3v( K1 ) )

!dALPHAv(K1) = ALPHAv(K1)−oALPHAv( K1)
dALPHAv(K1) = dALPHA1v(K1) + dALPHA2v( K1) + dALPHA3v( K1)

enddo
do K1=NDI+1 , NTENS

dALPHA1v(K1) = (TWO/THREE∗C1∗dEQPLAS∗FLOW( K1) −
+ GAMMA1∗KShear∗ALPHA1v(K1)∗dEQPLAS) / (ONE+GAMMA1∗dEQPLAS)

dALPHA2v(K1) = (TWO/THREE∗C2∗dEQPLAS∗FLOW( K1) −
+ GAMMA2∗KShear∗ALPHA2v(K1)∗dEQPLAS) / (ONE+GAMMA2∗dEQPLAS)

dALPHA3v(K1) = (TWO/THREE∗C3∗dEQPLAS∗FLOW( K1) −
+ GAMMA3∗KShear∗ALPHA3v(K1)∗dEQPLAS) / (ONE+GAMMA3∗dEQPLAS)

ALPHAv(K1) = (ALPHA1v(K1)+dALPHA1v( K1 ) ) +
+ (ALPHA2v(K1)+dALPHA2v( K1 ) ) + (ALPHA3v( K1)+dALPHA3v( K1 ) )

!dALPHAv(K1) = ALPHAv(K1)−oALPHAv( K1)
dALPHAv(K1) = dALPHA1v(K1) + dALPHA2v( K1) + dALPHA3v( K1)

enddo
do K1=1 , NTENS

ALPHA1v(K1) = ALPHA1v(K1) + dALPHA1v( K1)
ALPHA2v(K1) = ALPHA2v(K1) + dALPHA2v( K1)
ALPHA3v(K1) = ALPHA3v(K1) + dALPHA3v( K1)
ALPHAv(K1) = ALPHA1v(K1) + ALPHA2v( K1 ) + ALPHA3v( K1 )

enddo
C magALPHAv

magALPHAv = ZERO
do K1=1 , NDI

magALPHAv = magALPHAv + ALPHAv(K1)∗∗2
enddo
do K1=NDI+1 , NTENS

magALPHAv = magALPHAv + TWO∗ALPHAv( K1)∗∗2
enddo
magALPHAv = s q r t (THREE/TWO∗magALPHAv)

C G funct ion
G = magALPHAv − RM
i f (magALPHAv. gt .ZERO) then

do K1 = 1 , NTENS
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DirVec (K1)=ALPHAv(K1)/magALPHAv
enddo

e l s e
do K1 = 1 , NTENS

DirVec (K1) = ZERO
enddo

endi f
C double dot product DDP

DDP = ZERO
do K1 = 1 , NDI

DDP = DDP+DirVec (K1)∗dALPHAv(K1)
enddo
do K1 = NDI+1 , NTENS

DDP = DDP+TWO∗DirVec (K1)∗dALPHAv( K1)
enddo

C heavis ide funct ion of G
i f (G. gt .ZERO) then

heavisideG = ONE
e l s e i f ( abs (G) . l t . TOLER) then

heavisideG = ONE/TWO
e l s e

heavisideG = ZERO
endi f

C memory s u r f a c e RM
dRM = heavisideG∗abs (DDP)
RM = oRM + dRM
i f (RM. l t .RMmin) then

RMused = RMmin
e l s e i f (RM. gt .RMmax) then

RMused = RMmax
e l s e

RMused = RM
endif

C RMR
RMR = STATEV(iRMR)
oRMR = RMR
do K1=1 , NDI

dALPHA1r(K1) = (TWO/THREE∗C1∗dEQPLAS∗FLOW( K1) −
+ GAMMA1∗ALPHA1r(K1)∗dEQPLAS) / (ONE+GAMMA1∗dEQPLAS)

dALPHA2r(K1) = (TWO/THREE∗C2∗dEQPLAS∗FLOW( K1) −
+ GAMMA2∗ALPHA2r(K1)∗dEQPLAS) / (ONE+GAMMA2∗dEQPLAS)

dALPHA3r(K1) = (TWO/THREE∗C3∗dEQPLAS∗FLOW( K1) −
+ GAMMA3∗ALPHA3r(K1)∗dEQPLAS) / (ONE+GAMMA3∗dEQPLAS)

ALPHAr(K1) = (ALPHA1r(K1)+dALPHA1r( K1 ) ) +
+ (ALPHA2r(K1)+dALPHA2r(K1 ) ) + (ALPHA3r( K1)+dALPHA3r( K1 ) )

!dALPHAr(K1) = ALPHAr(K1)−oALPHAr(K1)
dALPHAr(K1) = dALPHA1r(K1) + dALPHA2r( K1) + dALPHA3r( K1)

enddo
do K1=NDI+1 , NTENS

dALPHA1r(K1) = (TWO/THREE∗C1∗dEQPLAS∗FLOW( K1) −
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+ GAMMA1∗KShear∗ALPHA1r(K1)∗dEQPLAS) / (ONE+GAMMA1∗dEQPLAS)
dALPHA2r(K1) = (TWO/THREE∗C2∗dEQPLAS∗FLOW( K1) −

+ GAMMA2∗KShear∗ALPHA2r(K1)∗dEQPLAS) / (ONE+GAMMA2∗dEQPLAS)
dALPHA3r(K1) = (TWO/THREE∗C3∗dEQPLAS∗FLOW( K1) −

+ GAMMA3∗KShear∗ALPHA3r(K1)∗dEQPLAS) / (ONE+GAMMA3∗dEQPLAS)
ALPHAr(K1) = (ALPHA1r(K1)+dALPHA1r( K1 ) ) +

+ (ALPHA2r(K1)+dALPHA2r(K1 ) ) + (ALPHA3r( K1)+dALPHA3r( K1 ) )
!dALPHAr(K1) = ALPHAr(K1)−oALPHAr(K1)
dALPHAr(K1) = dALPHA1r(K1) + dALPHA2r( K1) + dALPHA3r( K1)

enddo
do K1=1 , NTENS

ALPHA1r(K1) = ALPHA1r(K1) + dALPHA1r( K1)
ALPHA2r(K1) = ALPHA2r(K1) + dALPHA2r( K1)
ALPHA3r(K1) = ALPHA3r(K1) + dALPHA3r( K1)
ALPHAr(K1) = ALPHA1r(K1) + ALPHA2r(K1) + ALPHA3r(K1)

enddo
C magALPHAr

magALPHAr = ZERO
do K1=1 , NDI

magALPHAr = magALPHAr + ALPHAr(K1)∗∗2
enddo
do K1=NDI+1 , NTENS

magALPHAr = magALPHAr + TWO∗ALPHAr( K1)∗∗2
enddo
magALPHAr = s q r t (THREE/TWO∗magALPHAr)

C G funct ion
G = magALPHAr − RMR
i f (magALPHAr. gt .ZERO) then

do K1 = 1 , NTENS
DirVecR (K1)=ALPHAr(K1)/magALPHAr

enddo
e l s e

do K1 = 1 , NTENS
DirVecR (K1) = ZERO

enddo
endi f

C double dot product DDP
DDP = ZERO
do K1 = 1 , NDI

DDP = DDP+DirVecR (K1)∗dALPHAr(K1)
enddo
do K1 = NDI+1 , NTENS

DDP = DDP+TWO∗DirVecR (K1)∗dALPHAr( K1)
enddo

C heavis ide funct ion of G
i f (G. gt .ZERO) then

heavisideG = ONE
e l s e i f ( abs (G) . l t . TOLER) then

heavisideG = ONE/TWO
e l s e
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heavisideG = ZERO
endi f

C memory s u r f a c e RMR
dRMR = heavisideG∗abs (DDP)
RMR = oRMR + dRMR
i f (RMR. l t .RMmin) then

RMRused = RMmin
e l s e i f (RMR. gt .RMmax) then

RMRused = RMmax
e l s e

RMRused = RMR
endi f

C R
oR = STATEV( iR )
AR = CR∗exp (ER∗RMRused)
dR = AR∗ ( (EQPLAS+dEQPLAS)∗∗BR−EQPLAS∗∗BR)
R = oR + dR ;

C PHIinfty
P h i I n f t y = AInfty∗RMused∗∗4 + BInf ty ∗RMused∗∗3 +

+ CInfty ∗RMused∗∗2 + DInfty∗RMused + EInf ty
C Omega

OMEGA~= AOmega+BOmega∗ (RMused)∗∗−COmega
C PHIcyc

oPHIcyc = STATEV( iPHIcyc )
dPHIcyc = OMEGA∗ ( Phi Inf ty−oPHIcyc )∗DEQPLAS
PHIcyc = oPHIcyc + dPHIcyc

C PHI
PHI = PHI0 + PHIcyc

C save STATEV
STATEV( iEQPLAS ) = EQPLAS
do K1=1 ,NTENS

STATEV( iEPLAS−1+K1) = EPLAS(K1)
STATEV(iALPHA1v−1+K1) = ALPHA1v(K1 )
STATEV(iALPHA2v−1+K1) = ALPHA2v(K1 )
STATEV(iALPHA3v−1+K1) = ALPHA3v(K1 )
STATEV(iALPHAv−1+K1) = ALPHAv(K1)
STATEV( iALPHA1r−1+K1) = ALPHA1r(K1)
STATEV( iALPHA2r−1+K1) = ALPHA2r(K1)
STATEV( iALPHA3r−1+K1) = ALPHA3r(K1)
STATEV( iALPHAr−1+K1) = ALPHAr(K1)
STATEV(120+K1) = dALPHAv(K1)

enddo
STATEV( iR ) = R
STATEV(iRM) = RM
STATEV(iRMR) = RMR
STATEV( iRMused ) = RMused
STATEV( iRMRused ) = RMRused
STATEV( iPHIcyc ) = PHIcyc
STATEV( iPHI ) = PHI
STATEV( i P h i I n f t y ) = P h i I n f t y
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STATEV( 1 2 7 ) = SYIELD+R
STATEV( 1 2 8 ) = DDP

C FIELD ( 1 )
FIELD ( 1 ) = SYIELD+R
STATEV( iFIELD1 ) = FIELD ( 1 )

C FIELD ( 2 )
FIELD ( 2 ) = PHI
STATEV( iFIELD2 ) = FIELD ( 2 )
RETURN
END

Appendix B.2. Material Parameters Definition in the Abaqus Input File

The example of material parameters definition in Abaqus input file:

∗Material , name=Material−1
∗Depvar

128
∗ E l a s t i c
2 1 0 0 0 0 . 0 , 0 . 3
∗ P l a s t i c , dependencies =2 , hardening=COMBINED, datatype=PARAMETERS,
number b a c k s t r e s s e s =3
∗∗ Mater ia l data as~a~funct ion of FIELD1 and~FIELD2 fol lows :
SYIELD , C1 ,GAMMA1, C2 ,GAMMA2, C3 ,GAMMA3, FIDEL1 , FIELD2
%%

In the last material data line, the numeric values of material parameters are written. The material
data line repeats for different values of variables FIELD1 and FIELD2. Variables definitions are:
SYIELD = Y, C1 = C1, GAMMA1 = φ · γ1, C2 = C2, GAMMA2 = φ · γ2, C3 = C3, GAMMA3 =

φ · γ3, FIELD1 = Y, FIELD2 = φ. So, for presented material model, few material data lines can look
like this:

∗∗ Mater ia l data as~a~funct ion of FIELD1 and~FIELD2 fol lows :
∗∗ . . .
2 5 0 . 0 , 6 3 3 9 9 . 7 0 8 8 9 , 2 2 2 . 8 3 5 3 9 , 9 9 9 9 . 7 7 7 8 8 , 1 3 6 7 . 0 2 6 8 6 , 2 0 0 0 . 0 , 0 . 0 , 2 5 0 . 0 , 1 . 5
1 5 0 . 0 , 6 3 3 9 9 . 7 0 8 8 9 , 2 3 7 . 6 9 1 0 8 , 9 9 9 9 . 7 7 7 8 8 , 1 4 5 8 . 1 6 1 9 9 , 2 0 0 0 . 0 , 0 . 0 , 1 5 0 . 0 , 1 . 6
1 5 1 . 0 , 6 3 3 9 9 . 7 0 8 8 9 , 2 3 7 . 6 9 1 0 8 , 9 9 9 9 . 7 7 7 8 8 , 1 4 5 8 . 1 6 1 9 9 , 2 0 0 0 . 0 , 0 . 0 , 1 5 1 . 0 , 1 . 6
∗∗ . . .
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Abstract: The methods of severe plastic deformation (SPD) have gained attention within the last
decades primarily owing to their ability to substantially refine the grains within metallic materials
and, therefore, significantly enhance the properties. Among one of the most efficient SPD methods is
the equal channel angular pressing (ECAP)-based twist channel angular pressing (TCAP) method,
combining channel twist and channel bending within a single die. This unique die affects the
processed material with three independent strain paths during a single pass, which supports the
development of substructure and efficiently refines the grains. This review is intended to summarize
the characteristics of the TCAP method and its main features documented within the last decade,
since its development in 2010. The article is supplemented with a brief characterization of other
known SPD methods based on the combination of ECAP and twist extrusion (TE) within a single die.

Keywords: twist channel angular pressing; severe plastic deformation; microstructure;
mechanical properties

1. The Principles of Severe Plastic Deformation

Rapid development of novel construction components, innovative tools, and modern features
in the industry and commerce goes hand in hand with the need to research materials with enhanced
performance and increased longevity. Generally, the mechanical, physical, and utility properties of
metallic materials are strongly affected by their structures—grain size in particular. By this reason,
the ultra-fine grained (UFG) and nanomaterials featuring grain sizes between 100 nm and 1 μm and
1 nm and 100 nm, respectively, have been developed and intensively researched.

The Hall–Petch relation, although expressed in various ways according to the considered structural
features and deformation history of the examined material [1], generally expresses the reciprocal
proportion of the strength of the material and grain size (Equation (1)),

σ = σ0 + k·d− 1
2 (1)

where σ0 and k are constants depending on the material chemical composition and deformation history,
and d is the grain size.

In other words, the smaller the grains, the higher the strength. Despite the fact that this relation
only applies for grain sizes above the critical value, the ratio of grain boundaries to grain interiors
below which increases rapidly (which leads to the grain boundary sliding phenomenon), the validity
of the Hall–Petch relation has been proven even for metals with grain sizes between 10 and 100 nm [1].
Nevertheless, such a fine microstructure is hardly achievable by any known method of plastic
deformation. Therefore, having in mind the Hall–Petch relation, methods of severe plastic deformation
(SPD) have been developed.

The principle of SPD methods lies in modifying microstructures of bulk samples without
significantly changing their external shapes. SPD methods can thus generally be considered to
positively affect the strength of processed metallic materials via grain refinement. During SPD
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processing, free material flow is restricted as the stress state aimed to be achieved and maintained
during processing is the hydrostatic pressure; such a stress state is necessary for a high density of
defects to be introduced to the crystal lattice. This phenomenon is required to achieve a significant grain
refinement without reducing the cohesion of the processed material. However, the resulting material’s
performance not only depends on the achieved grain size, but also on substructure development, as it
is a function of the density of dislocations and their (re)arrangement into specific shapes—networks.

The efficiency of SPD processes is ensured by two main parameters, which generally characterize
them, as follows:

(1) Severe shear strain—regardless of the selected processing method, the shape of the die, and the
number and character of the strain paths affecting the processed sample, all SPD methods are based on
imposing severe shear strain into the material;

(2) Processing temperature—the temperature should be kept under the recrystallization
temperature, that is, lower than 0.4–0.5 of the melting temperature of the particular metal, to aggravate
recrystallization-induced grain growth and support grain refinement via accumulation of dislocations,
formation of dislocation cells and walls, and subsequent polygonization, that is, formation of subgrains,
which finally transform to fine new grains featuring high angle grain boundaries (HSGBs) [2].
Nevertheless, the substantial amount of energy introduced via the severe shear strain can impart
recrystallization, resulting in grain fragmentation even at low temperatures [3]; the grain refining
mechanisms that can occur in severely deformed metallic materials were thoroughly characterized
by Glezer and Metlov [4]. However, the occurring grain refinement mechanisms also depend on the
character of the processed metal (e.g., its stacking fault energy value), and the original material state,
grain size, and deformation history in particular [5]. For example, metals with FCC lattices were
documented to primarily deform via dislocation glide and twinning, but their ratio primarily depends
on the applied strain rate and processing temperature; decreasing temperature and/or increasing strain
rate support the dominance of twinning.

2. Severe Plastic Deformation Processes

The first ever attempt to perform severe plastic deformation via combinations of high pressure
and severe shear strain was by professor P.W. Bridgman, who received the Nobel Prize in Physics
in 1946 [6] (this idea later resulted in the invention of the high pressure torsion (HPT) process [7–9]).
The breakthrough in SPD processing came later, in the 1980s, when Dr. V. M. Segal introduced the
method of equal channel angular pressing (ECAP) [10–12] to the world.

In the early beginnings, a few processes were developed, some of which were also adjusted to
enable processing of hollow billets (tubes), as well as powders and composite materials. However,
the human ambition to improve the existing led to a massive development of SPD techniques.
The everlasting research has brought about not only advancements of the already introduced
methods, but also the design and subsequent verification of new methods, all of which have led
to gradual amelioration of the original processes and tools and/or equipment geometry, allowing
processing of not only typical bulk metallic materials, but also materials with low formability or
hard-to-deform metals [13]. Although numerous SPD processes have been introduced, not all
the existing methods can be listed here owing to the continuing research in this field. However,
the examples are high pressure sliding [14], high pressure tube twisting [15], friction stir processing [16],
equal channel angular drawing [17], ECAP–partial back pressure [18], accumulative back extrusion [19],
accumulative roll bonding [20], accumulative spin bonding [21], constrained groove pressing [22],
constrained studded pressing [23], parallel tubular channel angular pressing [24], tube channel
pressing [25], elliptical cross-section spiral equal-channel extrusion [26], C-shape equal channel
reciprocating extrusion [27], half channel angular extrusion [28], cyclic extrusion compression [29],
cyclic closed die forging [30], cyclic expansion extrusion [31], cyclic extrusion compression angular
pressing [32], (variable lead) axi-symmetric forward spiral extrusion [33,34], forward shear normal
extrusion [35], rotary extrusion [36], torsion extrusion (TE) [37], twist extrusion (TE) [38], simple shear
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extrusion [39], continuous shearing [40], continuous confined strip shearing [41], continuous frictional
angular extrusion [42], repetitive corrugation straightening [43], severe torsion straining [44], and so on.

Each of the above-mentioned SPD methods have pros and cons. Nevertheless, all of them aim
to impart substantial structure refinement and the best possible structure homogeneity via imposing
severe shear strain. Certain methods, such as HPT, are even able to introduce nano-scale features and
provoke the formation of nanostructure. Nevertheless, the ECAP method still remains one of the most
researched SPD technologies and keeps inspiring researchers worldwide.

It is quite complicated to characterize SPD methods according to strict criteria. Among the main
criteria characterizing the SPD methods are primarily whether they are continuous or discontinuous,
and the maximum size of the sample that can be processed by the method [45]—for example, HPT is
only suitable for discontinuous processing of thin, coin-like samples, whereas ECAP–conform is
suitable for processing of bulk rods and can also be applied industrially [46]. From the viewpoint of
process efficiency, the maximum possible imposed strain is crucial. Imposing the maximum shear
strain via a single pass while keeping the sample consistent and defect-free is favourable. However,
not only the amount of the imposed strain, but also its homogeneity across the cross section of the
sample is an important factor that consequently affects the homogeneity of properties within the
processed material, as well as the possible development of residual stress.

Similar to virtually all the SPD methods, the maximum amount of the shear strain that can
be introduced during a single pass while maintaining reasonable cross-sectional homogeneity and
consistency of the processed material is limited for the basic and most researched method of angular
pressing—ECAP. Despite the fact that the final material performance can be affected via changing
processing parameters (friction, temperature, die geometry, and so on), the required modifications of
particular processing steps necessarily bring about demands on the used equipment and reduce process
effortlessness. The process of twist extrusion (TE) advantageously introduces high shear strain (which
can be modified by changing the twist angle γmax), but, on the other hand, also features high strain
inhomogeneity across the cross section. Under optimized conditions, that is, having reduced/eliminated
their negative aspects, both the ECAP and TE methods are very convenient for possible application in
the industry. Considering these factors, combining the ECAP and TE methods is a favourable way to
take advantage of the positive aspects of both and create an advantageous processing methodology for
the preparation of ultra-fine-grained (UFG) materials. The combination of both can either be performed
by consequent processing of the billet (which would require equipment for both the methods to be
in hand, as well as optimization of the process so that the processed material is not affected by the
dwells and varying processing conditions), or by introducing a novel single process. This solution
preferably offers a wide possibility of variations while keeping the production process quick and easy.
In accordance with the aim to improve the efficiency of SPD processing, the method of twist channel
angular pressing was developed.

3. Twist Channel Angular Pressing

The method of twist channel angular pressing (TCAP) was firstly introduced by Kocich et al.,
in the 2010 [47]. TCAP is inspired by two individual SPD techniques, equal channel angular pressing
(ECAP) and twist extrusion (TE), combining the positive aspects of both into a unique novel method.
As mentioned above, ECAP and TE can be combined in several ways, as shown in Figure 1a to Figure 1c.
Nevertheless, as experimentally proven [48], only one of the variants introduces reasonable processing
parameters (e.g., punch load, temperature distribution) and preserves the constant shape of the sample,
thus ensuring the repeatability of the entire process; Variant I (Figure 1a).
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(a) (b) (c)

Figure 1. Experimentally investigated variants of twist channel angular pressing (TCAP): (a) Variant I,
(b) Variant II, and (c) Variant III.

Although Variant II (Figure 1b) also combines both the ECAP and TE processes, this variant brings
about several issues, probably the most severe of which is that positioning the twist directly to the
bending introduces substantial local reduction of the channel cross section. In other words, the process
then locally involves forward extrusion, which necessarily changes the processed sample cross section
and introduces changes in its dimensions, by which the repeatability of the process, the crucial factor
of all SPD processes, is disabled. This phenomenon can only be compensated by the application of
back pressure. The second significant issue for this variant is a substantial increase in the punch
load, which becomes even more substantial by the effect of applied back pressure. Among others,
numerous cross-sectional reductions typical for this variant introduce a complex stress state, which can
be unfavourable for the processed material.

The number of issues is reduced for Variant III (Figure 1c), although they are not eliminated.
The main issue is related to the location of the twist being positioned behind the bending, which leads to
a partially twisted final shape of the processed sample. Besides, by locating the twist behind the bending,
the issues of the TE method, that is, partial cross-sectional deformation of the processed sample, as well
as cross-sectional inhomogeneity of the imposed strain, are not eliminated; unlike Variant I, Variant III
does not feature any final deformation zone that could suppress/reduce the strain inhomogeneity
imparted by the twist.

Finite element analyses (FEAs) were further performed to evaluate the individual variants [45].
All of the modelled TCAP variants featured identical processing conditions, that is, room temperature
processing with identical extrusion velocity, friction, and boundary conditions. The graphical
dependencies depicted in Figure 2a,b show the differences between Variant I and Variant II. As shown
by the temperature dependencies in Figure 2a, the increase in temperature for Variant II is more than
twice as high as for Variant I, which can negatively affect the structures of processed materials featuring
low melting temperatures. Moreover, the increase in temperature introduced by the development
of deformation heat does not correspond to the increase in the imposed strain, which is only by
approximately 20% (Figure 2b). By these reasons, only Variant I is further characterized (referred to
just as TCAP).
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(a) (b) 

Figure 2. Comparison of deformation parameters: (a) temperature, (b) effective imposed strain.

The TCAP die (Figure 3) consists of a single channel bent under the desired channel bending
angle ϕ, preferably between 90◦ and 120◦ (depending on the processed material and its formability),
and the first channel part contains a twist defined with multiple parameters, such as the twist slope
angle β, twist rotation angle ω, and distance between the end of twist part within the channel and
the channel bending L, all of which affect the final properties of the material and the amount and
distribution of the imposed strain, as documented by the preliminary TCAP studies characterizing the
method and describing its influence on the material behaviour, with the help of numerical modelling
and subsequent practical experiments [47,49].

Figure 3. Schematic depiction of the TCAP die.

The most recent FEA study, which was applied to analyse mutual correlations of strain distribution
and punch load, focused on the optimization of the TCAP die geometry from the viewpoint of
minimizing the punch load while imposing a high shear strain [50]. Nine TCAP dies with varied twist
slope angle β of 35◦, 45◦, and 55◦, and channel bending angle ψ of 90◦, 100◦, and 110◦, were designed.
The results showed that, among all the combinations, the die with the twist slope angle of 45◦ and
channel bending angle of 110◦ features a reasonable strain rate and relatively low punch load. The results
were experimentally validated with sufficient correlation by performing TCAP of AA6061-T6 alloy.
Moreover, to supplement the study with data on the effects of the processing temperature, the samples
were processed at room temperature, 150 ◦C, and 250 ◦C; the sample processed at room temperature
exhibited the best mechanical properties achieved.

3.1. Imposed Strain

The fact that the TCAP process consists of two individual methods has to be taken into account
when calculating the mean value of the total imposed strain. In other words, the strain imposed in
both the deformation zones, the twist and bending channel parts, has to be calculated separately.
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3.1.1. Channel Bending Part

The used symbols and the particular geometrical features are summarized in Figure 4a–c.

  
(a) (b) 

 
(c) 

Figure 4. Schematic depiction of individual geometrical features for the following cases: (a) ψ = 0,
(b) ψ � 0; (c) effect of varying angle ψ on the individual deformation zone geometrical parameters.

The following equations (Equations (2)–(4)) lead to the mathematical expression of the imposed
shear strain shown in Equation (5) for the case when ψ = 0, that is, the outer channel bending radius is
neglected. The used symbols are the die geometrical features, as referred to in Figure 4a.
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Considering the imposed strain to be ε = γ√
3
, the final simplified equation for the calculation of

the imposed shear strain is then expressed as Equation (6).

ε =
2√
3
· cot g

(ϕ
2

)
(6)

For the case of ψ � 0, that is, when the outer channel bending radius is not neglected, the following
equations, Equations (7)–(10), ensue from Equation (2), and from angle β, which is expressed as follows:
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The final equation for the calculation of the imposed shear strain is then expressed as Equation (11),
resp. Equation (12).

γ =
2b + l

a
=

2b
a
+

l
a
= 2· cot g

(
ϕ

2
+
ψ

2

)
+
ψ·a· cos ec

(ϕ
2 +

ψ
2

)
a

(11)

γ = 2· cot g
(
ϕ

2
+
ψ

2

)
+ψ· cos ec

(
ϕ

2
+
ψ

2

)
(12)

Considering the imposed strain to be ε = γ√
3
, the final simplified equation for the calculation of

the imposed shear strain is then expressed as Equation (13).
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All of the above mentioned equations calculate the assumption of simplified boundary conditions
and constant processing parameters, such as homogeneous plastic flow, ideally plastic material
behaviour, absence of friction between the sample and die, complete filling of the channel with
extruded material, and so on. In other words, certain parameters having complex effects, such as
widening of the deformation zone, are usually neglected. Implementing the Segal theory of slip
lines [51] to predict widening of the deformation zone, the angle characterizing the boundaries of the
deformation zone can be depicted as β for dies with no outer channel bending radius (Ψ = 0); angle β
= 0 when neglecting friction and increases up to β = π/2 with increasing friction. Assuming that the
material exhibits ideal plastic flow, the deformation zone boundaries are given by angle α, that is, β =
π/2 – 2α for angle Φ = 90◦. On the basis of these facts, the imposed strain for dies featuring angle Φ =
90◦ can be expressed via Equation (14):

ε =

√
1
3

√
1 + 2a(1− b + a) + b2 (14)

where a = 2α, b = (1 + β)tgα.
The ε value increases from 0.5774 for β = π/2, up to 1.1547 for β = 0. Simple shear occurring

in the plane of intersection of both channel parts (β = 0), as well as shear occurring behind the
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deformation zone for dies featuring the outer channel bending radius (Ψ > 0), should, theoretically,
impart homogenous shear strain distribution [52]. Nevertheless, deformation hardening occurring
during ECAP processing leads to asymmetrical distribution of the strain rate in the deformation
zone region, which results in the development of a dead zone and occurrence of strain heterogeneity.
However, friction can affect the size of the dead zone; increasing friction between the die and sample
surfaces attributes to decreasing the size of the dead zone region. In case that the die is filled with the
processed material completely, the shape and dimensions of the deformation zone region are primarily
given by the die geometry, that is, Ψ angle; friction has a neglectable effect. Assuming elimination
of the dead zone, friction affects the imposed strain locally at the surface of the processed sample,
which increases strain heterogeneity across the sample cross section. On the contrary, if a dead zone is
present, friction affects the imposed strain throughout the entire sample volume. Increasing friction
generally increases the imposed strain heterogeneity, decreases angle β, and decreases size of the dead
zone region. Increasing the strain hardening rate results in increasing angle Ψ and increasing angle Ψ,
and increasing the size of the dead zone region increases angle β. Generally, however, Ψ � β.

3.1.2. Channel Twist Part

For the channel part featuring the twist, calculation of the imposed strain has to be performed
considering, among others, different flow velocities in the particular material regions. The individual
v1 and v2 components of plastic flow velocity in the twist channel part are schematically depicted in
Figure 5a,b, respectively, and mathematically expressed via the following equations.

 
(a) (b) 

Figure 5. Schematic depiction of individual material flow velocities: (a) v1, (b) v2.

The individual plastic flow velocity components in the individual directions can be expressed as
follows (Equations (15)–(20)) [53]:

v1x = − yv0tgγ
R

(15)

v1y =
xv0tgγ

R
(16)

v1z = v0 (17)

v2x =
∂(ΩP)
∂y

(18)

v2y = −∂(ΩP)
∂x

(19)

v2z ≡ 0 (20)

where Ω is a function defining the cross-sectional shape, Ω = 0 at the periphery of the sample cross
section, Ω > 0 within the sample cross section, and Ω < 0 outside the cross section. P is a parameter
characterizing the variable part of the velocity field; P is defined by variation methods and its value at
the periphery of the sample cross section is /P/ = /v2/. R is half of the length of the sample’s edge.
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The final velocity of material flow when passing through the twist channel part is then expressed
via Equation (21):

v = v1 + v2 (21)

where v1 is the velocity field component expressing flow of the cross section as a whole, whereas v2 is
the velocity field component expressing transversal material flow across the cross section.

The shear strain is subsequently expressed in dependence on the particular cross-sectional location
within the processed material, regarding axis—cross-section periphery of the sample. The maximum
component of the shear strain expressed via the v1 velocity component, that is, neglecting the v2
velocity component, is formulated as Equation (22):

γmax =
√

3·tgβmax (22)

where γmax is the shear strain and βmax is the twist slope angle.
Consequently, the shear strain can in this case be expressed as Equation (23).

εmax = tgβmax (23)

When the v2 velocity component is not neglected, the shear strain is expressed as Equation (24):

γmin =
√

3·(0.4 + 0.1·tgβmax) (24)

where γmin is the shear strain and βmax is the twist slope angle.
The imposed shear strain can then be expressed as Equation (25).

εmin = 0.4 + 0.1·tgβmax (25)

For the twist part of the TCAP channel, the value of the imposed shear strain can thus be calculated
using both the Equations (23) and (25). However, the mentioned equations are only applicable for
the axial and peripheral cross-sectional regions of the processed sample, respectively. Relations
characterizing the shear strain imposed during TCAP processing in the near-axial and near-peripheral
cross-sectional regions of the processed sample would involve combinations of both Equations (23) and
(25), as the final equation would take into account increments from both locations, depending on the
particular monitored region. The simplified assumption of simply adding up the individual increments
from both locations can, however, only be made if no vortex-like material flow is presupposed.
Nevertheless, the results of numerical predictions showed that the vortex-like flow is most probably
the key factor contributing to final homogenization of the imposed strain across the sample cross
section. The imposed strain is not homogeneous throughout the sample cross section after ECAP,
especially for dies with corner radii, or dead zone regions. The smallest values of the imposed shear
strain are recorded at the peripheral regions of the processed sample, that is, in regions adjacent to
the outer channel radius. Similar phenomena, that is, the occurrence of a dead zone and shift of the
deformation zone from the central die region, are also imparted via deformation hardening during
ECAP, as proven by Kim et al. [52], who documented plastic flow velocity gradients to be present in
both mentioned regions.

The mean value of the imposed shear strain is finally derived from relations for strain rates in the
individual directions (Equations (26)–(30)):

.
exx = P

∂2ω
∂x∂y

(26)

.
eyy = −P

∂2ω
∂x∂y

(27)
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Strain rate intensity from the above equations can further be expressed (Equation (31)).
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Integration of Equation (31) consequently results in the mean value of the imposed strain for the
twist part of the channel (Equation (32)):

ε =

∫
S

.
e dt (32)

The final relation defining the mean value of the imposed strain during TCAP process can
eventually be expressed via Equation (33).
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3.2. Die Geometry

On the basis of not only the mentioned studies, TCAP enables to impose a substantially high
effective strain into the material during a single pass (up to ~2.3), which significantly reduces the
number of passes necessary to acquire a material with an ultra-fine (nano) structure, and thus makes
the entire processing less time-consuming and more efficient [47]. As reported by Bagherpour et al. [5],
the favourable combination of both the ECAP and TE methods introduces relatively large plastic
strains into the processed material by combining different deformation modes, which eventually leads
to very fine grains and a high fraction of high angle grain boundaries (HAGBs). In addition, the
advantageous combination leads to homogenization of final properties throughout the sample cross
section and length, while keeping the shape unchanged [47]. Sole application of TE leads to a certain
permanent deformation of the processed sample (primarily imparted by the friction during processing).
This phenomenon can be compensated by the application of back pressure, however, back pressure is
not necessary to be applied during ECAP, that is, the use of back pressure can be eliminated by selecting
the favourable die design, that is, TCAP Variant I. However, the overall efficiency of Variant I varies
depending on the die geometry (see Figure 3). The distance between the end of twist part of the channel
and the channel bending L was shown to have a neglectable influence on the amount of the imposed
strain, but to substantially affect the strain homogeneity; increasing the distance between the twist
and bending channel parts suppresses the vortex-like flow and improves strain homogeneity across
the sample cross section. Regarding twist slope angle β and twist rotation angle ω, both parameters
significantly affect both the amount and homogeneity of the imposed strain; higher values of β and ω
angles result in higher imposed strain, but also in higher inhomogeneity. The channel bending angle ϕ
especially affects the amount of the imposed strain. However, its negative effect on strain homogeneity
via the formation of dead zones for large bending angles should be mentioned, too. In summary, the
most significant effect on increasing the amount of the imposed strain was increasing the twist rotation
angle ω, and mutually increasing the twist slope angle β and decreasing the channel bending angle ϕ.
The fact that the dead zone corner gap is substantially smaller for the TCAP die than for ECAP die
with identical channel bending angles ϕ needs to be stressed, too.
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3.3. Strain Path

The description of the strain path affecting the material when passing through the TCAP die ensues
from the simple shear model developed by Latypov et al. [54]. According to the model, the material
processed through the ECAP die is subjected to simple shear in a limited intersection plane located in
the channel bending; this model can be applied to describe the bending part of TCAP. The twist part
of the die is then considered to be comparable to twist extrusion (TE), during which the material is
subjected to simple shear in two intersecting planes. The TE process was already characterized to be
more efficient than ECAP from the viewpoint of the occurring grain refinement at identical imposed
strains owing to the presence of two independent shear strain paths [55]. However, the TCAP process
imposes shear strain into the processed material along three independent shear planes, which ensures
its higher efficiency compared with ECAP featuring a single shear plane, as well as TE having two
shear planes.

Given by the three independent shear strain paths, the material flow during TCAP is rather
complex [47]. Moreover, its intensity depends on the particular monitored location and selected cutting
plane. Numerical prediction of the plastic flow during TCAP processing was performed using three
superimposed meshes, as depicted in Figure 6a. As can be seen in the figure, all of the selected cutting
planes with the superimposed meshes 1, 2, and 3 are situated to the sample extrusion axis and rotated
by 45◦ from one another; this particular rotation is selected in accordance with the rotation imparted
to the material by the twist channel part. Superimposed meshes 1 and 3, depicted in Figure 6b,d,
respectively, reveal the twist channel part to impart the most substantial plastic flow to the axial sample
region (the plastic flow intensity decreases across the sample cross section towards its periphery).
This flow inhomogeneity is then reduced in the channel bending part, the flow velocities of the axial
and peripheral material regions in which equalize. Therefore, the imposed shear strain exhibits high
homogeneity along the cutting planes depicted via superimposed meshes 1 and 3. On the other hand,
superimposed mesh 2, the detail of which is depicted in Figure 6c, features differences when compared
with meshes 1 and 3. In this particular cutting plane, the plastic flow imparted by the twist channel
part is more intense in the axial sample region than in its peripheral regions and, as a result of the
vortex-like flow, this character of plastic flow remains visible even after passing through the channel
bending. Among the significant factors affecting the plastic flow homogeneity is also the friction
between the channel and extruded material; increasing friction not only increases the amount of the
imposed shear strain, but also imparts flow inhomogeneities across the sample cross section [56].

Similar to ECAP, TCAP can also be performed in multiple passes. However, given the unique
strain path and complex material flow, the shear systems activated during ECAP and TCAP when
applying the conventional ECAP routes are not identical. This was demonstrated by Kocich et al. [49],
by performing individual experiments in which they applied the known ECAP deformation routes,
that is, route A (no rotation between passes), route Ba (±90◦ rotation between passes), route Bc (+90◦
rotation between passes, clockwise, and counter-clockwise), and route C (180◦ rotation between passes),
for both ECAP and TCAP. For example, processing of the sample via ECAP, route A, results in repetitive
activation of identical shear systems. On the other hand, processing of the sample via TCAP, route A,
activates multiple shear systems owing to the implemented twist channel part. Activation of different
slip systems will also lead to proportional changes in the energy dissipation modes characteristic for the
SPD processing, especially regarding the ratio of dynamic recrystallization and dislocation-disclination
accommodation [57]. A comparison of the shear systems activated during processing via the ECAP
and TCAP deformation routes in multiple passes is shown in Figure 7.
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(a) (b) 

  
(c) (d) 

Figure 6. Predicted material flow through the TCAP die, three superimposed meshes: (a) detail of
superimposed mesh 1 (b); superimposed mesh 2 (c); and superimposed mesh 3 (d).

 
Figure 7. Comparison of activated shear systems during processing via multiple equal channel angular
pressing (ECAP) and TCAP methods.

3.4. Structure and Properties

The general comparison of TCAP with the TE and ECAP technologies by which TCAP was
inspired shows that TCAP ensures higher homogeneity as well as higher efficiency of the imposed
strain across the cross section of the processed material.

The numerically predicted high homogeneity of the imposed strain throughout the sample when
extruded with optimized processing parameters was validated by experimental investigations of
mechanical properties. The stress–strain curves recorded during the tensile testing of specimens taken
from the axial and peripheral regions of the commercial purity (CP) Cu TCAP-processed sample
both reached the maximum value of 440 MPa, and their courses featured only minor deviations [47].
Similar trends were documented for the CP Cu microhardness, which increased by 80% after TCAP
processing, to the average value of 108 HV, and exhibited only minor deviations along the measured
diagonals across the square TCAP sample cross section [56].

The high efficiency of TCAP can primarily be attributed to the three independent shear strain
paths, supporting development of lattice distortions acting as obstacles for dislocations movement,
and nucleation sites for recovery. The comparison of stress–strain curves for CP Al processed via
ECAP and TCAP showed the strength to significantly increase after a single ECAP pass, and then
increase slightly again after the second pass via the A and Bc routes up to 300 MPa for the Bc
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route processed sample. Nevertheless, the sample processed via a single TCAP pass exhibited the
strength of approximately 340 MPa, which can be attributed to two main phenomena—the presence of
strengthening secondary particles, and substantial grain refinement. The efficiency of multiple TCAP
on grain refinement was thoroughly documented for CP Cu [49], whereas the effects of the strain paths
acting during a single pass through the TCAP die were characterized via studies on samples of CP
Al [58,59]. The analyses showed that the original unprocessed Al sample exhibited relatively coarse
grains with bimodal grain size distribution (the average grain diameter was 39 μm) and more or less
random grains orientations. After a single ECAP pass, the grains refined significantly and featured
the average diameter of slightly more than 10 μm. Processing by two ECAP passes via route A led to
grain refinement to the average diameter of ~8 μm, while processing via two ECAP passes via route Bc,
which is considered to be the most efficient ECAP route from the viewpoint of grain refinement [60],
resulted in the average grain size of 7.4 μm. The most intensive grain refinement was recorded after
TCAP, the average grain size after a single pass of which was ~5.8 μm (68% of grains were smaller
than 5 μm). The grains also featured a high dislocations density and well developed substructure,
as documented by Figure 8a [61]. The sample processed by two ECAP passes via route Bc also featured
refined grains and a deformed substructure, but exhibited no highly developed subgrains [58].

  
(a) (b) 

Figure 8. Transmission electron microscopy image showing the detail of CP Al substructure after single
pass TCAP (a); residual stress depicted via internal grains misorientations in scale from 0◦ (black) to
15◦ (white) for the two-year-old CP Al sample (b).

Taking into consideration the high imposed energy and substructure development occurring
during a single pass, the structure of TCAP-processed material can be considered to be metastable,
and further structure changes can be supposed to occur over time. This presupposition was confirmed
in a study dealing with two-year-old CP Al samples [62]. After natural ageing, the restoration processes
provoked the grains to further refine down to the average grain size of ~1 μm. Natural ageing also
supported precipitation of strengthening particles; small angle neutron scattering (SANS) analyses
showed the particles to preferentially precipitate in orientations corresponding to the active shear strain
paths. The aged material also exhibited relaxation of residual stress; the study depicts the distribution
of residual stress (via internal grains misorientations in scale from 0◦ to 15◦) within the structure of the
CP Al TCAP sample right after processing, and after the two years of natural ageing. As evident in
Fig. 8b, the misorientations from 0◦ to 15◦ in which are depicted in the black to white scale, the aged
structure has a tendency to relax and homogenize the level of residual stress throughout the structure.
Stress-free locations start to form within the aged sample, too. Evaluation of mechanical properties
performed via mapping of microhardness throughout the naturally aged the CP Al sample revealed
that the homogeneity of mechanical properties remains stable over time. The map showed a decrease
in the average HV value resulting from the occurrence of restoration processes and residual stress
relaxation, although it exhibited high homogeneity.
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3.5. Texture

The comparison of textures within CP Al after TCAP and ECAP was also performed [58,59];
however, comparing textures of materials processed by different SPD processes can be ambiguous,
as texture is affected by various factors and, above all, the strain paths along which the shear strain
is imposed (ideal texture components are characterized according to the description performed by
Beyerlein and Tóth [63]). The original weak cubic texture present in the unprocessed Al transformed
into A ideal texture component, and B texture fibre parallel to the shear direction (<110>||SD) after a
single pass ECAP; similar texture formation tendencies were also observed after two ECAP Bc route
passes, whereas strong A ideal texture component {111} <011> formed in the structure after two ECAP
A route passes. Processing via TCAP led to the formation of ideal <110>||SD and <100>||SD B texture
fibres, as well as the A ideal texture component and C ideal texture component. Nevertheless, given the
substantial substructure development and grain fragmentation, the maximum texture intensities were
lower than two times random for all of the components, as also confirmed by a 3D EBSD (electron
back-scattered diffraction) study [59]. Figure 9a shows inverse pole figures (IPFs) for the CP Al sample
processed via a single pass TCAP, while Figure 9b depicts the intensities of the characteristic ideal
texture orientations for this sample.

 

 
(a) (b) 

Figure 9. Inverse pole figures (a) and ideal texture components (b) for CP Al after single pass TCAP.

4. Twist Channel Multi Angular Pressing

The twist channel multi angular pressing (TCMAP) method was invented in order to explore the
efficiency limits of TCAP. The TCMAP die basically consists of a TCAP die modified by implementation
of another deformation section, that is, it contains multiple bendings. Kocich et al. [64] studied two
different variants of the TCMAP die; the first variant consisted of the TCAP die supplemented with an
additional bending situated between the original TCAP twist and bending channel parts, whereas the
second variant consisted of the TCAP die having the additional channel bending located in front of the
conventional TCAP twist and bending parts.

The results of numerical simulations showed the imposed effective strain to increase when
compared with the conventional TCAP. The maximum effective strain was higher for the second
TCMAP variant having the additional bending implemented as the first die feature (maximum strain
of ~3.2 compared with ~2.8 for the first variant having the additional bending between the TCAP
twist and bending channel parts). However, the strain homogeneity was higher for the first variant.
Among the positive aspects of TCMAP is the elimination of dead corner zones. On the other hand,
the full contact of the extruded material with the channel, together with its complicated construction,
increases the load on the punch, and consequently the power demands of the entire extrusion process.
Measurements of microhardness values for the TCMAP-processed CP Al sample showed a substantial
increase in the average HV value (increase by 97% compared with the original CP Al, to ~90 HV), as
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well as high microhardness homogeneity along the diagonals across the square TCMAP sample cross
section [65].

5. Twisted Multi Channel Angular Pressing

The twisted multi channel angular pressing (TMCAP) method based on the combination of ECAP
and TE was very recently presented by S. M. Alavizadeh et al. [66]. The TMCAP die consists of three
independent parts, the first one of which is a rectangular extrusion channel with the length of 55 mm.
The second part, bending under the angle of 156◦, is followed by the third part being a twist with the
rotation angle of 60◦ and total length of 16 mm. The last deformation feature within the extrusion
channel is two bendings of 132◦ and 113◦. The die is designed to enable the repeatability of the
entire process.

Numerical predictions showed that the process imposes a substantially high effective strain onto
the processed material, although the inhomogeneity of the imposed strain throughout the sample
cross section is notable; the average effective imposed strain was predicted to be approximately 2.4,
but the local strain maximum reached the value of 5. The inhomogeneity was also documented
by the experimental microhardness testing performed on extruded CP Al. Nevertheless, selecting
an optimized strain path while performing multiple TMCAP contributed to homogenization of the
imposed strain and, correspondingly, the mechanical properties throughout the sample cross section.
The yield strength of the processed AL1050 alloy increased by 164 % after four TMCAP passes.

6. Planar Twist Channel Angular Extrusion

Last, but not least, the planar twist channel angular extrusion (PTCAE) method is mentioned [67].
This process combines the ECAP technique with the planar twist extrusion (PTE) method within a
single die, and thus simultaneously imposes severe shear strain to the processed material in three
perpendicular planes within a single deformation zone. In the deformation zone, the processed sample
is subjected to severe deformation from its original square cross-sectional shape at the channel inlet, to
the parallelogram shape with the maximum distortion angle α in middle part of the channel, and finally
returns to the square shape at the channel outlet [68]. Further, the processed material is subjected to
shear strain, similar to ECAP, in the plane parallel to the two intersected channels. The die is designed
to enable processing of the sample via multiple passes.

As proven by experiments with CP Al, the PTCAE process features two main advantages over
the ECAP process; not only is it more efficient, but it also features high homogeneity of the imposed
shear strain, and consequent uniformity of the mechanical properties; microhardness increased from
the original 29 HV to 41 HV after processing via ECAP, and to 49 HV after one pass of PTCAE [69].
The efficiency of the entire process can primarily be optimized via changing the planar twist angle α,
as shown by numerical simulations; decreasing the planar twist angle decreases the imposed effective
strain and increases the cross-sectional area of the deformed sample. Further, increasing the planar
twist angle results in increasing the deformation load owing to the higher strain imposed along the
planar twist path in the deformation zone, and higher friction increased by the increased contact
surface of the die and processed sample.

7. Conclusions

The review was focused on characterization of the main features of the equal channel angular
pressing (ECAP)-based twist channel angular pressing (TCAP) method of severe plastic deformation
(SPD). The unique construction of the die combining twist and bending in a single channel enables
to impart severe shear strain into the processed material via three independent shear strain paths,
which makes the process more efficient from the viewpoint of grain refinement and improvement
of mechanical properties than ECAP. These conclusions were supported by numerous experimental
studies, all documenting the efficiency of the TCAP process via substantial grain refinement and
enhancement of mechanical properties. Numerical predictions of plastic flow via three independent
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superimposed meshes, together with characterization of the effects of the individual TCAP die features
on the material behaviour, as well as calculations of the imposed shear strain, were performed
as well. The study was supplemented with data characterizing the behaviour of CP Al samples
processed via TCAP and subjected to two years of natural ageing, after which structure restoration,
relaxation of residual stress, and grain refinement down to the ultra-fine scale that were observed.
Having characterized the TCAP method, the twist channel multi angular pressing (TCMAP) and
twisted multi channel angular pressing (TMCAP) methods featuring the combinations of TE and
ECAP with the implementation of additional deformation features were presented. Last, but not
least, the planar twist channel angular extrusion (PTCAE) method combining ECAP with planar twist
extrusion (PTE) was presented.
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10. Kocich, R.; Greger, M.; Macháčková, A. Finite element investigation of influence of selected factors on ECAP
process. In Proceedings of the METAL 2010: 19th International Metallurgical and Materials Conference,
Roznov pod Radhostem, Czech Republic, 20–22 May 2010; Tanger Ltd.: Ostrava, Czech Republic, 2010;
pp. 166–171.

11. Elhefnawey, M.; Shuai, G.L.; Li, Z.; Nemat-Alla, M.; Zhang, D.T.; Li, L. On achieving superior strength for
Al–Mg–Zn alloy adopting cold ECAP. Vacuum 2020, 174, 109191. [CrossRef]
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Abstract: This contribution characterizes the performance of a DESI 11 high-speed disintegrator
working on the principle of a pin mill with two opposite counter-rotating rotors. As the ground
material, batches of Portland cement featuring 6–7 Mohs scale hardness and containing relatively
hard and abrasive compounds with the specific surface areas ranging from 200 to 500 m2/kg, with the
step of 50 m2/kg, were used. The character of the ground particles was assessed via scanning electron
microscopy and measurement of the absolute/relative increase in their specific surface areas. Detailed
characterization of the rotors was performed via recording the thermal imprints, evaluating their wear
by 3D optical microscopy, and measuring rotor weight loss after the grinding of constant amounts of
cement. The results showed that coarse particles are ground by impacting the front faces of the pins,
while finer particles are primarily milled via mutual collisions. Therefore, the coarse particles cause
higher abrasion and wear on the rotor pins; after the milling of 20 kg of the 200 m2/kg cement sample,
the wear of the rotor reached up to 5% of its original mass and the pins were severely damaged.

Keywords: disintegrator; microscopy; wear; high energy milling; cement

1. Introduction

The necessity to enhance the utility properties of materials and increase the longevity of
construction components has led research and development in various industrial branches, such as
materials processing [1] or construction [2,3], towards the design of new materials and improving
the performance of contemporary ones. Generally, enhancement of the mechanical and utility
properties can be achieved via variations in the chemical composition of the particular material,
as documented, for example, by Zhang et al. [4], and structural modifications (grain refinement), which
was demonstrated also for pure and commercially pure metals [5,6]. Verlinden et al. claimed that grain
refinement introduces lattice defects, such as dislocations and grain boundaries, which increase the
materials’ intrinsic energy and act as strengthening agents [7]. Kunčická et al. studied syntheses of
various kinds of alloys and reported that the grain size can typically be decreased in two ways, the first
of which is application of the the methods of intensive/severe plastic deformation (SPD) decreasing the
grain size down to sub-micron scale via imparting severe shear strain [8] (e.g., equal channel angular
pressing [9] and high-pressure torsion [10]). The second is the implementation of powder metallurgy,
i.e., the production of materials from original powders, which is typically used for challenging materials,
such as Ti composites [11] or tungsten heavy alloys [12]. Combinations consisting of the processing of
challenging powder-based materials, such as Ti-based [13], and W-based [14] alloys, via SPD methods
are also advantageous.

The process of production of a component from powders involves final shape and surface treatments,
which typically follow deformation processing and/or variations of sintering and heat treatments. The first
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production step is, however, preparation of the original powders. These are usually manufactured by
milling. The grain size distribution and morphology of the grains have fundamental effects not only on
the sintering process itself, as mentioned by Wang et al. [15], but also on the final structure of the alloys
as described by Macháčková et al. [16]. Surzhenkov et al. studied the wear resistance and mechanisms of
abrasion during milling. Based on the results of their research, it can be stated that the grain refinement
in mills is typically ensured via several fundamental mechanisms, among which are compression, shear
(attrition), compression pulse, impact (stroke or collision), impact and shear, tension/bending, splitting,
and cutting. Milling can be performed by collisions of particles with the working tools, via mutual
collisions between particles, or between particles and their environment [17].

Among the recent trends in milling is the high-energy milling (HEM) method. The possibilities
of application of HEM are in various industrial fields, from milling of demanding composites in
metallurgy, as documented, for example, by Muroi et al. [18] or Sazavi et al. [19], through fabrication
of various intermetallic and ceramic materials, such as those mentioned by Serena et al. [20], to the
preparation of nanomaterials (e.g., Rojac et al. [21]). High-speed grinding (HSG) is a particular type
of HEM carried out by applying high amounts of energy using very short and intense power pulses.
The amount of energy that is effectively transferred to the material is higher in HSG than in the case of
conventional grinding in mills with identical power inputs. Among the types of mills suitable for HSG
is a high-speed pin mill with two counter-rotating rotors, known as the disintegrator. This type of mill,
the material in which is refined by high-frequency changes in mechanical strength, was extensively
studied by Hint [22]. The disintegrator is particularly suitable for the grinding and activation of fine
powder materials, as documented by Bumanis [23], and Bumanis and Bajare [24]. The principle of a
disintegrator lies in accelerating the material to a high speed by means of the pins on the grinding rotor.
The particles than collide with other particles or with the pins on the rotor which rotates in opposite
direction. Disintegrators only use the impact, impact and shear, shear (attrition), and tension/bending
mechanisms. However, other processes similar to those in attritors or jet mills occur as well. These are
introduced by turbulent flow and rapid compression and expansion between the rotors, as described
by Kovalev [25]. Baláž wrote in his study [26] that the main advantages of a high-speed disintegrator
are continuity of the grinding process, and variety of working tools that can be employed. On the
other hand, Surzhenkov et al. stated the main disadvantage to be that the grinding elements are prone
to abrasion/wear [17].

Collisions of particles and hard surfaces can be advantageous since the shear strain introduced to
the hard surface via the impacting particles typically induces the formation of hard structure phases at
the surface of the base material (such as martensite for stainless steels as reported by Staman et al. [27]),
by the effect of which the surface hardness increases, and the surface hardening consequently reduces
the tendency of the base material (i.e., rotors) to abrasion/wear, as claimed by Silva et al. [28] and
Han et al. [29]. On the other hand, continuous high-speed shelling of the base material (rotors) with
hard and/or sharp-edged particles inevitably leads to abrasion/wear in time. Gåhlin and Jacobson [30]
mentioned that the intensity of wear depends on the mineralogy, morphology, and granulometry of
the ground material. However, the effect of particle size of the milled material on wear is not yet fully
understood. Misra and Finnie [31] suggested that increasing the particle size increases the wear rate.
Small particles lead to penetrations that do not pass through the surface layers of the grinding elements;
according to the theory introduced by Larsen-Bads [32], sufficiently small particles are in elastic contact
with the grinding tools and do not contribute to abrasion. The presupposed effect of particles’ shapes
on the degree of abrasion is based on a theory assuming that blunt shapes exert less pressure on the
grinding tools and consequently act more like particles providing surface hardening via imposing
shear strain and produce less wear than sharp-edged particles. For milled material featuring wider
size fractions, the largest grains exert strong point loads on the surfaces of the grinding elements; i.e.,
such material is more abrasive [17,30].

If the pins are damaged due to abrasion, the efficiency of grinding is reduced. By this reason,
the geometry of the milling elements is favourable to be kept constant for as long as possible during
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milling. The presented study is focused on characterization of the behaviour of rotors of a high-speed
disintegrator during milling of a Portland cement, because the HSG technology seems to be a very
effective milling technology, moreover, with the benefit of mechanical activation. However, certain
issues in this field still remain uncovered. The standard Portland cement is relatively fragile and
contains four main minerals with the average hardness of 6–7 (according to the Mohs scale). It features
sharp-edged particles, which makes it a very abrasive material. Grinding by a disintegrator is also
supposed to be very effective for this particular material since it responds very well in milling by
impact or compression pulse [33]. The study is supplemented with characterization of correlations
between entry granulometry and abrasion of the rotors during milling.

2. Materials and Methods

The equipment investigated is the DESI 11 disintegrator (Desintegraator Tootmise OÜ, Tallinn,
Estonian Republic), which is a laboratory version of a high-speed pin mill with two counter-rotating
rotors. The total installed output of the mill is 4.1 kW. The rotor rotation frequency is up to 12,000 RPM,
and the maximum circumferential speed of each rotor is 92.4 m/s. The material is fed into the device by a
continuous feeder and enters the grinding chamber through the middle of the left rotor; a schematic
depiction of the principle of the disintegrator is shown in Figure 1a, and also described in [17]. The real
machine is presented in Figure 1b. The construction of the mill allows for a choice of working tools. For
this experiment, the CR type rotors designed and manufactured by the FF servis s.r.o. company (Prag,
Czech Republic) were used. The rotors were manufactured from C45 steel, sometimes also characterized
as SI 1045 steel. This medium-carbon steel was selected for its high quality, relatively high strength, and
easy machinability; the rotors were machined from normalized hot-rolled bars. The external diameter
of both the rotors was 147 mm. The left rotor has two rows, while the right rotor has three rows of
3 × 3 × 3 mm cubic pins. The designs of both the rotors are demonstrated in Figure 1c,d.

The Portland cement used for this experiment was prepared in a ball mill by collective milling of
cement clinker (from Hranice cement plant) and chemical gypsum (Pregips), the chemical compositions
of which are depicted in Table 1. The chemical composition of the selected clinker is typical for Portland
clinkers. The gypsum (highly pure) contained relatively high humidity and it was further dried before
milling to decrease the moisture to under 5%. The ratio of clinker to gypsum was 95:5.

Table 1. Partial chemical compositions of the ground material.

Material
Component

SiO2 CaO Al2O3 Fe2O3 SO3 CaSO4·2H2O H2O CaSO4 Others

Clinker 20.29 65.33 5.21 5.04 0.79 - - - 3.34
Gypsum - - - - - 84.0 11.0 2.4 2.6

For the subsequent milling process, a set of seven individual batches with specific surface areas
ranging from 200 to 500 m2/kg was prepared. The batches of cement with the selected granulometries
were fed into the disintegrator continuously. The dosing rate was 5.5 g·s−1 and the cement particles
are supposed to spend approximately 1 second in the milling chamber due to the pin mill principle.
All the samples were milled at the maximum speed of 12,000 RPM.

Grinding of all the samples was carried out under standard laboratory conditions, at 22 ◦C and
relative humidity of 56%. After grinding of each 1 kg batch, thermal imprint on the rotor was acquired
using a Flir E4 thermal camera (FLIR Systems Inc., Wilsonville, OR, USA). Between milling of the
individual batches, the disintegrator was cooled by an air stream to the initial temperature of 22 ◦C
and the rotors were replaced with a new set.
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(a) (b)

(c) (d)

Figure 1. (a) Schematic depiction of the investigated disintegrator; (b) laboratory DESI 11 HSG mill
(c) rotor with three rows of pins; (d) rotor with two rows of pins.

The increase in the Blaine specific surface area and the morphology of grains were determined for
all the samples. The Blaine specific surface area was measured using a PC-Blaine-Star automatic device
(Zünderwerke Ernst Brün GmbH, Haltern am See, Germany) with a measuring cell with the volume of
7.95 cm3. Measurement was repeated three times and averaged to minimize errors. To evaluate the
impact of the input granulometry on the abrasion of working elements, two 20 kg batches of cement
were prepared in a ball mill. The first sample featured the specific surface area of 200 m2/kg, while for
the second one it was 450 m2/kg. The milling parameters were identical as for the previous case; rotor
speed of 12,000 RPM and dosing rate of 5.5 g·s−1.

The particle size and particle size distribution were determined for both the input samples using
a Malvern Mastersizer 2000 (Malvern Panalytical B.V., Almelo, The Netherlands) with a Hydro 2000 G
fluid dispersing unit, 2-isopropanol was used as a dispersing agent. The morphology and grain shapes
were observed and assessed by scanning electron microscopy (SEM) using a Tescan MIRA 3XMU
(Tescan Brno s.r.o., Brno, Czech Republic) equipment.

Evaluation of the abrasion-milling elements was performed via calculating the ratio between the
weight of the eroded rotors after milling of 1, 10 and 20 kg of abradant, and the initial weight of the
rotors. The accuracy of the weight loss measurements was 0.01 mg.

Also, the impact of rotor wear on grinding efficiency was measured by monitoring the increase in
the specific surface area of the cement. The abrasion of the rotors was also determined by 3D scanning.
Detailed 3D scans of the rotor pins were performed and evaluated using an Olympus DSX1000 digital
microscope (Olympus Czech Group, s.r.o., Prague, Czech Republic).

3. Results

Abrasion speed is not constant and depends on the input granulometry and on the shape of the
ground particles. Morphology of the cement particles was investigated via SEM-BSE; images of the
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cement particles within the individual samples are depicted in Figure 2a–f within which individual pairs
of figures represent morphology of the samples before and after milling in the HSG mill. Figure 2a,d
depict the samples with the initial specific surface area of 200 m2/kg, whereas Figure 2b,e show the
samples with the initial specific surface area of 300 m2/kg, and Figure 2c,f depict the samples with the
initial specific surface area of 450 m2/kg.

(a) (b) (c)

(d) (e) (f)

Figure 2. Comparison of the original and post-milling shapes of cement particles for: 200 m2/kg sample,
(a) original particles; (d) milled particles; 300 m2/kg sample, (b) original particles; (e) milled particles;
450 m2/kg sample, (c) original particles; (f) milled particles.

The particles from the sample with the specific surface area of 200 m2/kg exhibited sharp edges,
however, they were slightly abraded. Similar results were acquired for the sample with the specific
surface area of 300 m2/kg, but these particles exhibited a more substantial abrasion. The particles
from the finest fractions then exhibited more or less spherical shapes and the tendency to agglomerate.
Agglomerated clusters were also present in the sample with the initial specific surface area of 450 m2/kg.

Laser granulometry revealed that the batch with the input-specific surface area of 200 m2/kg
contained 20.8% of particles larger than 100 μm, while the batch with the input specific surface area of
450 m2/kg contained only 10.7% of particles larger than 100 μm. Aggregates were most probably not
present because the measurements were performed under wet conditions.

The resulting specific surface areas for all the seven ground samples, together with the absolute
and relative values of their increases, are depicted in Figure 3. The results show that the absolute
specific surface area values increased significantly when grinding coarse fractions (specific surface
areas of 200 and 250 m2/kg). In contrast, both the absolute and relative specific surface area values
were lower for the input fractions of 300 and 350 m2/kg. The absolute increase in the specific surface
area then increases gradually with continuing refinement of the input material, whereas the relative
increase in the specific surface area remains more or less constant from the 300 m2/kg input fraction.

123



Materials 2020, 13, 2234

Figure 3. Increase in specific surface area for all ground samples.

Thermal imprints on the rotors before and after milling of 1 kg batches of 200 m2/kg to 500 m2/kg
samples are shown in Figure 4a–i, respectively. The imprints clearly show that grinding of the
coarse batches (200 and 250 m2/kg) was primarily performed by the front faces of the rotor pins,
the temperature of which increased (Figure 4c,d, respectively). As the specific surface area of the
input cement increased, the areas in the vicinity of the pins started to exhibit increased temperature,
too. The 300, 350, and 400 m2/kg batches contained plenty of coarse particles, the grinding of which
was performed directly on the rotor pins. However, mutual grinding of fine particles against each
other in the spaces between the pins occurred as well. This phenomenon was then dominant for the
batches with the specific surface areas of 450, and 500 m2/kg, during the milling of which the pins acted
more like breaking wedges directing the milled material into the spaces between them. For these fine
batches, the particles were primarily milled by their mutual collisions, and milling by direct impacts
with the pins’ front faces was of low significance (Figure 4h,i clearly show the pins to be cooler than
the surrounding area).

The impact of input granulometry on wear of the grinding rotors is demonstrated by Figure 5
showing wear of the rotors (expressed as loss of rotor mass in relation to the original rotor mass) is
dependent on the amount of the ground material. The figure indicates that a coarser material damages
the grinding rotors of the disintegrator more significantly than a finer one.

(a) (b) (c)

Figure 4. Cont.
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(d) (e) (f)

(g) (h) (i)

Figure 4. Thermal imprints on rotors before and after milling of 1 kg of individual batches: (a) new
rotor with two rows of pins (rotation direction is marked by white arrow); (b) new rotor; (c) 200 m2/kg;
(d) 250 m2/kg; (e) 300 m2/kg; (f) 350 m2/kg; (g) 400 m2/kg; (h) 450 m2/kg; (i) 500 m2/kg.

Figure 5. Effect of the amount of ground material on rotor wear for individual samples.

After milling of only a 10 kg batch of the testing cement with the specific surface area of 200 m2/kg,
the wear of the grinding rotor with three rows of pins was 2.14%, and the grinding rotor with two
rows of pins exhibited wear of 1.96%. The wear directly influenced the increase in the specific surface
area of particles, as the grinding was about 1.61% less effective. Table 2 summarizes the results of
measurements of the specific surface area for the cement powder at the beginning of the experiment,
and after milling of 10 and 20 kg batches. Table 3 then presents the reductions of grinding efficiency,
characterized as reduction of the specific surface area. When grinding the fine-grained input material
with the specific surface area of 450 m2/kg, the abrasion occurred to a lesser extent. The weight loss
measured for the rotor with three rows of pins after grinding of a 10 kg batch was 0.28%, while for the
rotor with two rows of pins it was 0.13%; the reduction of the efficiency of grinding by the worn rotors
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was negligible. Milling of a 20 kg batch of the testing cement resulted in further rotor weight loss; after
grinding an additional 10 kg batch, the weight loss of the three-row rotor was 0.42%, while for the
two-row rotor it was only 0.30%. The efficiency of the rotors was only 1.28% lower when compared to
new rotors.

Table 2. Specific surface area of the cement powder at the beginning and after 10 and 20 kg.

Input Specific Surface Area (m2/kg) Specific Surface Area of Resulting Powders (m2/kg)

1 kg 10 kg 20 kg

200 310 305 273
450 548 543 541

Table 3. Reduction of grinding efficiency.

Input Specific Surface Area (m2/kg) Grinding Efficiency Reduction (%)

1 kg 10 kg 20 kg

200 - 1.61 11.94
450 - 0.91 1.28

Figure 6a–h show 3D optical microscopy images of the new and worn rotor pins. All the scans
were performed on the rotors with three rows of pins. Figure 6a,b depict the 3D scan and height
profile, respectively, of the pins of a new rotor, while Figure 6c,d depict the 3D scan and height profile,
respectively, of the pins of the rotor used for milling of a 20 kg batch of the 450 m2/kg sample. Figure 6e,f
then depict the 3D scan and height profile, respectively, of the pins of the rotor used for the milling of
a 20 kg batch of the 200 m2/kg sample. The figures confirm the wear analyses, as they clearly show
that the wear was the most significant for the rotor used for milling of the 200 m2/kg batch; scans of a
pin from the most worn rotor and its coloured height profile are shown in Figure 6g,h. The figures
also show that the wear of the pins was the most significant at their front faces, and also at the face
on the side from which the cement particles were injected into the disintegrator. The figures also
show evident “shade” behind the pins, which corresponds to the above described occurring milling
mechanisms for the individual sample batches.

(a) (b)

Figure 6. Cont.
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(c) (d)

(e) (f)

(g) (h)

Figure 6. Optical images of new rotor: (a) 3D scan and (b) height profile of pins; optical images of rotor
used for milling of 20 kg batch of 450 m2/kg sample: (c) 3D scan and (d) height profile of pins; optical
images of rotor used for milling of 20 kg batch of 200 m2/kg sample: (e) 3D scan and (f) height profile
of pins. Detailed images of pin marked by circle in (f) from rotor used for milling of 20 kg batch of
200 m2/kg sample: (g) detailed scan and (h) coloured profile. (Rotation directions marked by arrows).

4. Discussion

The different acting particle grinding principles imparted by different input granulometries have
considerable effects on the abrasion of the grinding rotors, especially the pins. When milling the
samples with the input-specific surface areas of 200 and 250 m2/kg, the pins of the grinding rotors
are strongly heated due to the direct contact with the material being ground, as confirmed by the
thermal imprints shown in Figure 4a,b. The direct crushing and friction of the coarse particles on the
front faces of the rotor pins also resulted in a substantial increase in the specific surface areas of the
particles. The negative aerodynamic pressure occurring right behind the rotor pins is not sufficient to
impart swirling motion to the solid particles. For this reason, the particles are not milled by mutual
collisions and thus maintain their sharp-edged morphology during passing through the mill; only
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a slight abrasion of their edges occurs. The wear of the rotors was the highest for these batches and
expressed as mass % of the original rotor mass was almost 5% for both the rotors with two and three
rows of pins. The shapes of the rotor pins were also severely damaged after milling of the batches with
coarse particles, as demonstrated in Figure 6e–h. These findings are in accordance with the theory of
Misra and Finnie [31]; large particles impact the front faces of the pins, easily penetrating the surface
layers, and cause rapid erosion.

The results acquired during grinding of the samples with very fine particles having the specific
surface areas of over 400 m2/kg were different; the cement particles exhibited intensive refinement and
gained spherical shapes, however, they also exhibited a tendency to agglomerate. The momentum of
the particles is sufficiently low for them to be drawn into the area of lower pressure in the space behind
the rotor pins; the pins act more like breaking wedges and regulate the material flow. The milling is
primarily performed by mutual particle collisions in the turbulent area right behind the rotor pins,
as demonstrated by the thermal imprints on the rotors in Figure 4e–g, the locations with the highest
temperatures in which were situated behind the rotor pins. In contrast to the coarse samples, the finer
material with the specific surface area of 450 m2/kg flows around the pins. Thus small particles do not
penetrate the surface layer of the grinding pins and the wear on the rotors is significantly lower for the
fine samples. The 3D profiles of the rotor pins depicted in Figure 6c,d exhibited only a slight abrasion,
which is consistent with the measured wear being lower than 0.5% of the original rotor mass.

Characterization of the grinding process for the batches featuring the input specific surface areas
of 300 to 350 m2/kg is quite complex. Increases in the specific surface areas for these samples were
lower than for the other, coarser as well as finer, batches. The thermal imprints depicted in Figure 4c,d
show that a portion of the ground material is in direct contact with the front faces of the grinding
pins. Nevertheless, an increase in the temperature in the spaces between and behind the rotor pins is
observed as well. This phenomenon implies that during milling of these samples, reduction of particles’
sizes proceeds not only via direct contact with the rotor pins, but also, to some extent, via mutual
collisions of the particles behind the grinding pins. The amount of coarse grains that are ground on the
front surfaces of the rotor pins is lower than for coarser samples. At the same time, the amount of
fine grains that have lower momentum and are milled by mutual collisions is not sufficient. The total
increase in the specific surface area is thus lower than for the finer and coarser samples. The sharp
edges of the particles are abraded after passing through the mill, however, the shape of the coarse
particles does not change significantly. For these reasons, assessment of the surface hardening effect
for these particular batches would require a deeper study.

5. Conclusions

A variety of modern materials with enhanced properties is nowadays fabricated via methods of
powder metallurgy, the initial powders for which are typically manufactured using milling machines.
This study focused on the characterization of the performance of a DESI 11 high-speed disintegrator.
For the purpose of the study, a variety of samples of Portland cement, containing relatively hard and
abrasive particles with specific surface areas ranging from 200 to 500 m2/kg, were used. The results
showed that:

• Grinding of coarse angular-shaped particles proceeds primarily via impacts of particles with the
front faces of rotor pins, and such particles cause their significant damage and abrasion.

• Fine cement particles are refined in the area between and behind the pins. This grinding principal
supports wear reduction and the grinding efficiency is not substantially affected when milling
larger batches of finer cement samples.

• Without sustaining significant damage, this type of high-speed mill is suitable for final grinding
of fine particles with the Blaine specific surface area of at least 400 m2/kg.

• Coarser materials can be ground more efficiently in other types of mill.

128



Materials 2020, 13, 2234

• A reasonable specific surface increase with minimum wear of the grinding tools can be achieved
in a relatively short time for materials with suitable input granulometries.

The high-speed disintegrator is, thus, an advantageous, versatile piece of equipment for the
preparation of powders subsequently used to prepare modern materials.
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1. Thomasová, M.; Seiner, H.; Sedlák, P.; Frost, M.; Ševčík, M.; Szurman, I.; Kocich, R.; Drahokoupil, J.; Šittner, P.;
Landa, M. Evolution of macroscopic elastic moduli of martensitic polycrystalline NiTi and NiTiCu shape
memory alloys with pseudoplastic straining. Acta Mater. 2017, 123, 146–156. [CrossRef]

2. Leo Samuel, D.G.; Dharmasastha, K.; Shiva Nagendra, S.M.; Maiya, M.P. Thermal comfort in traditional
buildings composed of local and modern construction materials. Int. J. Sustain. Built Environ. 2017, 6,
463–475. [CrossRef]

3. Naser, M.Z. Properties and material models for modern construction materials at elevated temperatures.
Comput. Mater. Sci. 2019, 160, 16–29. [CrossRef]
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processing via rotary swaging on properties and residual stress within tungsten heavy alloy. Int. J. Refract.
Met. Hard Mater. 2020, 87, 105120. [CrossRef]

13. Stolyarov, V.V.; Zhu, Y.T.; Lowe, T.C.; Islamgaliev, R.K.; Valiev, R.Z.R. Processing nanocrystalline Ti and its
nanocomposites from micrometer-sized Ti powder using high pressure torsion. Mater. Sci. Eng. A 2000, 282,
78–85. [CrossRef]
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Abstract: High entropy alloys (HEA) have been one of the most attractive groups of materials for
researchers in the last several years. Since HEAs are potential candidates for many (e.g., refractory,
cryogenic, medical) applications, their properties are studied intensively. The most frequent method
of HEA synthesis is arc or induction melting. Powder metallurgy is a perspective technique of alloy
synthesis and therefore in this work the possibilities of synthesis of HfNbTaTiZr HEA from powders
were studied. Blended elemental powders were sintered, hot isostatically pressed, and subsequently
swaged using a special technique of swaging where the sample is enveloped by a titanium alloy.
This method does not result in a full density alloy due to cracking during swaging. Spark plasma
sintering (SPS) of mechanically alloyed powders resulted in a fully dense but brittle specimen.
The most promising result was obtained by SPS treatment of gas atomized powder with low oxygen
content. The microstructure of HfNbTaTiZr specimen prepared this way can be refined by high
pressure torsion deformation resulting in a high hardness of 410 HV10 and very fine microstructure
with grain size well below 500 nm.

Keywords: high-entropy alloy; powder metallurgy; plastic deformation; microstructure

1. Introduction

High entropy alloys (HEAs), complex concentrated alloys (CCAs), and multi-principal element
alloys (MPEAs) are the most common names of a new group of materials [1–5] introduced
by Yeh et al. [6] and Cantor et al. [7] in the beginning of this century. Many definitions were proposed
for such materials, but in general they consist of multiple (usually at least five) elements in equiatomic
or near-equiatomic composition [2]. This approach is different from the traditional alloy design using
one (or maximum two) principal element and other minor elements. The presence of many elements
in equiatomic (or near) composition leads to high mixing entropy and thus to many interesting
properties [2,5]. One of such effects is the existence of a random solid solution and simple body
centered cubic (bcc) or faced centered cubic (fcc) structure. Recently HEAs with hexagonal closed
packed (hcp) structure have been reported as well [8,9]. A new approach to HEA design using the
valence electron concentration (VEC) was recently proposed with the aim of increasing the plasticity of
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these alloys [10,11]. Other authors showed that decreasing the solid solution phase stability promotes
the stress-induced transformation during loading and therefore may result in increased plasticity of
the alloy [12–14].

The group of HEAs has the potential to overcome currently used materials in many applications.
Some of them have excellent high temperature properties and are therefore candidates for replacement
of Ni-superalloys, which are currently used for turbine blades, etc. [15]. Cryogenic applications are
also potential fields of interest as some HEAs retain high plasticity even at cryogenic temperatures [5].

In this work the HfNbTaTiZr (equiatomic) alloy was studied. This alloy has the potential to be
used in high temperature applications or as a biocompatible material due to its chemical composition
consisting of refractory metals [16–18], which are biocompatible [19–21] elements. This alloy is usually
prepared by an arc melting process [22–26]. Power metallurgy was studied as an alternative route of
HEA synthesis [27–30]. Mechanical alloying (MA) followed by hot isostatic pressing (HIP) [30] or spark
plasma sintering (SPS) [27,28] are the most common powder metallurgy techniques. HfNbTaTiZr alloy
was recently produced from commercially available elemental powders that were cold isostatically
pressed (CIP) and sintered. Commercially available elemental powders were used for TiNbTa0.5Zr
and TiNbTa0.5Zr0.2Al alloy synthesis by Cao et al. [29]. This way of preparation may overcome the
main drawbacks of the arc melted alloys, which suffer from very coarse dendritic microstructures.
The dendritic microstructure may lead to phase separation (a mixture of two phases with slightly
different chemical composition) due to variation of chemical composition in dendrite and interdendritic
regions [23,31]. The microstructure of specimens produced by powder metallurgy exhibits no dendrites
and also the grain size is on average significantly finer than in the arc melted samples. On the
other hand, residual porosity present after sintering deteriorates the mechanical properties of HEAs
significantly [29,32,33]. This is probably the main drawback of powder metallurgy processed HEAs.
Moreover the initial powders have large active surfaces and could therefore be vulnerable to oxidation.
Hot forging deformation can be one of the ways to eliminate the porosity. Hence, forging may in
general improve microstructural and mechanical properties of HEAs [34]. Our previous experiments
showed that the residual porosity of as-sintered HfNbTaTiZr specimens was eliminated during hot
compression tests. However, it should be pointed out that the hot compression tests and real forging
processes may significantly differ from each other. Therefore in this work various techniques of
removing residual porosity were examined. Microstructure and mechanical properties of HfNbTaTiZr
alloy prepared by various methods of powder metallurgy are reported in this paper. The possibility of
using such techniques for bigger specimens under real conditions was accentuated as well.

2. Materials and Methods

Several methods of powder metallurgy were used to prepare the equimolar HfNbTaTiZr HEA.
Preparation routes of various samples are summarized in Table 1. Elemental powders (purity >99%)
and granularity of −325 mesh (<44 μm) were supplied by Huarui Co. (Chengdu, China). Weighting
and mixing of powders was performed under Ar protective atmosphere. Three different kinds of initial
powders were used:

(i) elemental powders mixed in appropriate ratio in Turbula 2F device for 10 h at 45 rpm and
subsequently pressed into green compacts (denoted here HEAP) using CIP under the pressure of
400 MPa;

(ii) MA powder prepared from the elemental powders (granularity −325 mesh) by high energy ball
milling in an Ar atmosphere for 42 h using tungsten carbide balls. The mean particle size of the
MA powder was ≈3 μm and MA particles consisted of nanocrystalline grains

(iii) atomized powder (AT) prepared from arc melted HfNbTaTiZr alloy by crucible-free electrode
induction-melting gas atomization in a protective Ar atmosphere to suppress undesirable
oxidation. The AT powder had a broad particle size distribution covering the range from 10 to
300 μm.
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Green compacts (HEAP) were further processed via different routes. Sintering at 1400 ◦C for 16 h
was carried out in a vacuum furnace and sintered samples were slowly cooled in the furnace (Sintered
specimens are denoted “HEAP-S”). Some of the sintered specimens were subjected to HIP performed
at 1400 ◦C for 2 h under the pressure of 190 MPa (these specimens are denoted “HEAP-S-HIP”).
Another sintered specimens were hot swaged to remove residual porosity (these samples are denoted
“HEAP-S-SW”). Specimens were swaged at 950 ◦C in several consecutive steps with small section
reduction with reheating between each step. The same process was also performed using an envelope
of beta-titanium alloy in which the specimens were inserted and swaged using the same procedure.

The effect of HIP on specimens directly after CIP was studied as well (the specimens are denoted
“HEAP-HIP”). The specimen after HIP was subsequently sintered (1400 ◦C/14 h/furnace cooled) in
order to ensure the chemical homogeneity (the specimen is denoted as “HEAP-HIP-S”).

MA and AT powders were compacted by SPS in an SPS 10-4 device (Santa Rosa, California,
CA, USA) using a graphite die (Ø 20 mm) and punches to compact the powder using pressure of
80 MPa. The SPS processing was performed in vacuum. Tungsten foil was used to separate the samples
from the graphite tools. The sample was heated with the heating rate of 700 ◦C/min up to the sintering
temperature of 1300 ◦C at which it was kept for 2 min.

Contrary to CIP followed by HIP, sintering (or swaging), which is suitable for fabrication of large
samples, produces relatively small disc shape samples with diameter of 20 mm and thickness of a few
mm. Such samples can be strained by high pressure torsion (HPT) [35] in order to refine their structure.
Severe plastic deformation applied during HPT processing results in many materials into an extreme
grain refinement down to the nanoscale. In the present work HPT straining was performed at room
temperature using pressure of 2.5 GPa and 15 revolutions. The samples produced using this route are
denoted MA-SPS-HPT and AT-SPS-HPT, respectively.

Table 1. Specimens and their processing routes.

Specimen Process Route

HEAP CIP
HEAP-S CIP + sintering

HEAP-S-HIP CIP + sintering + HIP
HEAP-HIP CIP + HIP

HEAP-HIP-S CIP + HIP + sintering
HEAP-S-SW CIP + sintering + hot swaging

MA-SPS mechanical alloying + SPS
AT-SPS atomized powder + SPS

MA-SPS-HPT mechanical alloying + SPS + HPT
AT-SPS-HPT atomized powder + SPS + HPT

The microstructure of specimens was studied by light microscopy (LM), using a Nikon EPIPHOT
3000 (Nikon, Melville, New York, USA) microscope. Scanning electron microscopes (SEM) JEOL
7650F (JEOL, Akishima, Tokyo, Japan) and FEI Quanta 200F (FEI, Hillsboro, OR, USA) were used for
microstructural observations as well. The SEM observations were done in back scattered electron
mode (BSE) unless otherwise noted. The mean particles size was determined by the analysis of
SEM micrographs. NIS Elements software was used for image analysis. Energy dispersive X-ray
spectroscopy (EDS) was employed for used analysis of chemical composition. Specimens for LM and
SEM observations were prepared by a standard metallographic process (ground up to #4000 with
SiC papers and polished with Struers OP-S emulsion with the addition of H2O2). For etching, 3 mL
of HF + 8 mL of HNO3 + 100 mL of H2O etchants were used. The phase identification was also
carried out using the X-ray diffraction analysis (XRD), on a Bruker D8 Discover diffractometer (Bruker,
Karlsruhe, Germany) using Cu Kα radiation. XRD investigations were performed in the symmetrical
Bragg–Brentano geometry. Quantitative Rietveld refinement analysis was performed by TOPAS V5
software (Bruker, Karlsruhe, Germany).
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Vickers hardness was determined using a Zwick/Roell ZHU 250 top hardness tester (Zwick/Roell,
Ulm, germany) with the load of 98.1 N (according to the ISO 6507 standard). At least seven values
were determined for each measurement. The oxygen content in samples studied was determined by
a Bruker Galileo G8 gas fusion analyzer (Bruker, Karlsruhe, Germany). At least three measurements
for each specimen were performed. Residual porosity in the samples was determined by the image
analysis of SEM micrographs.

Positron lifetime (LT) spectroscopy was employed for characterization of lattice defects in the
samples. A 22Na radioisotope with activity of 1 MBq deposited on a 2 μm thick mylar foil was used as
a positron source. LT measurements were carried out on a digital spectrometer (Hamamatsu Photonics,
Hamamatsu, Japan) [36] with time resolution of 145 ps (FWHM of the resolution function). At least 107

positron annihilation events were collected in each LT spectrum. The source contribution to the LT
spectra consisted of two components with lifetimes of 368 ps and 1.5 ns and corresponding relative
intensities of 11% and 1%, representing contributions of positrons annihilating in the 22Na source spot
and the covering mylar foil, respectively.

3. Results

3.1. Initial Powders

The initial powders used for further processing were characterized as their properties may
influence the final product.

3.1.1. HEAP Green Compact

Figure 1a shows the microstructure of the initial green compact (HEAP). The green compact obviously
consisted of multiple phases. The XRD diffraction pattern for the green compact is plotted in Figure 2.
The sample contained the bcc (Nb and Ta powders have both the bcc lattice with similar parameters) and
hcp phases (Hf, Ti, and Zr elements). The oxygen content determined in the samples studied is listed in
Table 2. The HEAP green compacts exhibited an oxygen concentration of ≈0.55 wt %.

Table 2. Properties (porosity, grain size, hardness, and oxygen content) of studied specimens.

Specimen Porosity (%) Grain Size (μm) Hardness (HV10) Oxygen (wt %)

HEAP N/A N/A N/A 0.55 ± 0.05
HEAP-S 6.5 ± 1 ~35 330 ± 13 0.65 ± 0.07

HEAP-S-HIP 4.5 ± 0.5 ~45 325 ± 13 0.83 ± 0.02
HEAP-HIP 5 ± 0.5 ~20 151 ± 7 0.80 ± 0.05

HEAP-HIP-S 5 ± 1 ~25 225 ± 10 0.84 ± 0.06
HEAP-S-SW N/A1 N/A 405 ± 152 0.75 ± 0.03

MA-SPS 0.9 ± 0.3 ~10 584 ± 10 1.07 ± 0.10
AT-SPS 0 ~50 350 ± 5 0.12 ± 0.02

MA-SPS-HPT N/A1 ~4 680 ± 52 1.07 ± 0.03
AT-SPS-HPT 0 ~0.5 410 ± 5 0.12 ± 0.02

1 Porosity was not measured due to damaged specimens. 2 Hardness of HEAP-S-SW and MA-SPS-HPT is disputable
due to defects in the microstructure (e.g., cracks).

Results of LT measurements are listed in Table 2. The HEAP sample exhibited a two-component LT
spectrum. The short component with lifetime τ1 represented a contribution of free positrons (not trapped
at defects) while the longer component with lifetime τ2 could be attributed to positrons trapped
at vacancy-like misfit defects at interfaces between precipitates and the matrix and at dislocations
introduced into the sample by CIP. Assuming that the component τ2 arose exclusively from positrons
trapped at dislocations, the mean dislocation density ρD ≈ 1.48 × 1014 m−2 in the sample could be
calculated from the two-state trapping model [37]. This value should be considered as an upper level
of the actual dislocation density in the sample since some fraction of positrons contributing to the
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component τ2 was trapped at misfit defects. This was indicated by the lifetime of trapped positrons
value of τ2 ≈ 165 ps, which was slightly lower than the value determined for dislocations in the
HfNbTaTiZr alloy [38].

 

(a) 

 

(b) 

 

(c) 

Figure 1. SEM micrographs showing microstructure of (a) HEAP green compact, (b) AT initial powder,
and (c) MA initial powder.

3.1.2. AT Powder

The microstructure of gas atomized powder (AT) is shown in Figure 1b. The particle sizes of
the powder fell into a broad range from 10 to 300 μm. One can see in Figure 1b that the AT particles
exhibited a dendritic structure typical for conventionally cast HfNbTaTiZr alloy [39] and consisted of
two chemically different phases with bcc structures: one bcc phase, denoted bcc1, was slightly rich in
Nb and Ta, and the second bcc phase, denoted bcc2, was rich in Hf, Zr. The XRD pattern for the AT
powder is plotted in Figure 3. The two bcc phases had very similar lattice parameters so that their
XRD reflections overlapped each other, making the reflections asymmetrical. The lattice parameter
a = 3.4024(5) Å was determined by Rietveld refinement. The AT powder exhibited a single component
LT spectrum with a lifetime of ≈165 ps. It represented a contribution of positrons trapped at misfit
defects at the interfaces between bcc1 and bcc2 phases. Since bcc1 and bcc2 phases had slightly different
lattice parameters, the discontinuity of lattice planes resulted in the formation of misfit defects at
interfaces between these two phases [27].

AT powder exhibited low oxygen content (ten times lower than MA) since crucible-free gas
atomization was performed in a protective Ar atmosphere and particles of AT powder were rather
coarse, i.e., the surface-to-volume ration was relatively low.
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3.1.3. MA Powder

The XRD diffraction pattern for MA powder is shown in Figure 3 as well. The sample exhibited very
broad XRD reflections at positions corresponding to the bcc phase with lattice parameter a = 3.409(1) Å,
which was slightly higher than that for the AT powder. Broad XRD reflections testified that MA powder
had a nanocrystalline structure. The average size of coherently scattering domains determined by
Rietveld refinement was 22.7(6) nm.

The MA powder exhibited rather high oxygen content of ≈1.07 wt %, which was ten times
higher than that in the AT powder. Oxygen was incorporated into the MA powder obviously during
high energy ball milling due to high surface area of nanocrystalline powder particles. Note that
LT investigations of nanocrystalline MA powder were not performed because of its high reactivity
with oxygen.

Figure 2. XRD patterns for HEAP, HEAP-HIP, HEAP-HIP-S, and HEAP-S-HIP specimens. The samples
contain two bcc phases (bcc1, bcc2) and a hcp phase. The XRD patterns were shifted vertically for
better visibility.

Figure 3. XRD patterns for samples AT, MA, AT-SPS, MA-SPS, AT-SPS-HPT, and MA-SPS-HPT.
The samples contain a bcc phase and a small fraction of a monoclinic HfO2 phase.
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3.2. Effect of HIP and Sintering

Figure 4a,b show the microstructure of the HEAP-S specimen. Sintering resulted in equiaxed and
relatively fine grains. The chemical homogeneity was good after 16 h sintering as determined by SEM
and EDS microstructure analysis. Secondary phases (needle-like precipitates) were observed in the
microstructure along with irregular shaped particles of the hcp phase. HIP processing of sintered
specimens (HEAP-S-HIP) introduced no significant changes. The microstructure of green compact
subjected to HIP treatment (HEAP-HIP) is shown in Figure 4c,d. The chemical homogeneity of HEAP-S
was better than that of HEAP-HIP (cf. Figure 4a,c). Several chemical inhomogeneities (i.e., areas with
higher Ta, or Nb concentration-probably at the positions of original Ta particles) were observed in the
HEAP-HIP sample, as seen in Figure 4c (see EDS maps of typical region in HEAP-HIP specimen in
Supplementary Materials). Therefore additional sintering (1400 ◦C/14 h) was performed resulting in
a HEAP-HIP-S specimen with good chemical homogeneity. However, porosity in the HEAP-HIP-S
sample remained present in the specimen, and it still consisted of bcc1, bcc2, and hcp phases.

A significant number of pores was observed in the microstructure. The approximate porosity
values in the samples studied are listed in Table 2. The as-sintered specimen (HEAP-S) exhibited the
highest porosity. The HIP process caused a slight decrease in porosity, but the specimens still remained
rather porous, as seen in Figure 4c.

The oxygen content in the initial powder used for sintering (HEAP sample) was relatively high
(~0.55 wt %), as seen in Table 2. However, it could be seen that it increased during further processing.
The oxygen content increased from 0.55 wt % to 0.65 wt % during sintering. HIP caused even more
significant increase in the oxygen content, up to ~0.80 wt %.

The XRD diffraction patterns of HEAP specimens subjected to HIP and sintering are plotted in Figure 2.
From inspection of the Figure 2 it becomes clear that HIP led only to slight broadening of XRD reflections
and peak separation (c.f. samples HEAP and HEAP-HIP). This was caused by the fact that the constituting
elements were not fully dissolved during the HIP process of green powders (see Figure 4c,d). On the
other hand the sintering led to a quite homogeneous microstructure, which resulted in an increase of the
concentration of the bcc2 phase at the expense of bcc1. The sintering caused narrowing of XRD profiles,
which indicated grain growth occurring during sintering. LT investigations revealed that sintering reduced
dislocation density and also the concentration of misfit defects, which was indicated by increases of τ2

towards the value of ≈180 ps, typical for dislocations in HfNbTaTiZr alloy [38]. The latter effect was
obviously caused by grain growth during sintering. The HIP treatment of sintered sample led to a slight
increase of dislocation density, as seen in Table 3, due to dislocations introduced by HIP processing.

Table 3. Results of LT spectroscopy: lifetimes τi and relative intensities Ii of the components resolved
in LT spectra. The mean density of dislocations ρD calculated using the two-state simple trapping
model is shown in the Table as well.

Specimen τ1 (ps) I1 (%) τ2 (ps) I2 (%) ρD (1014 m−2)

HEAP 69(2) 12(1) 165(2) 88(1) 1.48(8)
HEAP-S 85(2) 22(2) 175(4) 78(2) 0.94(9)

HEAP-S-HIP 81(4) 20(2) 178(3) 80(2) 1.1(1)
HEAP-HIP 81(3) 17(3) 168(3) 83(3) 1.1(1)

HEAP-HIP-S 86(4) 23(2) 176(4) 77(2) 0.9(1)
HEAP-S-SW 45(4) 9(1) 181(2) 91(2) 3.0(1)

AT - - 165(2) 100 <0.1
MA-SPS 80(6) 8(1) 150(2) 92(1) 1.1(1)
AT-SPS 148(1) 100 - - <0.01

MA-SPS-HPT - - 180(1) 100 >5
AT-SPS-HPT - - 183(1) 100 >5

Mechanical properties of samples studied were represented by hardness values, which are listed
in Table 2. One can see in the table that hardness of HEAP-S and HEAP-S-HIP specimens were similar
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(both around 320 HV10). Interestingly the hardness of the HEAP-HIP specimen was around 150 HV10,
which was significantly lower value than that of HEAP-S. The hardness of the HEAP-HIP specimen
significantly increased during sintering (1400 ◦C/14 h) to 225 HV10, but did not reach the hardness of
sintered specimens. On the other hand the HEAP-S-HIP specimen had a hardness comparable to that
of the sintered specimen.

 
(a) 

 
(b) 

  
(c) (d) 

Figure 4. Micrographs of (a) HEAP-S, (b) HEAP-S—detail of etched specimen, (c) HEAP-HIP (SEM-BSE),
and (d) detail of HEAP-HIP (LM-etched).

3.3. Effect of Swaging

The as-sintered specimen (HEAP-S) was hot swaged to remove residual porosity. However,
the swaging process was not completed due to cracking of the specimens, which can be clearly seen
in Figure 5. The microstructure of the swaged sample was similar to that of the HEAP-S specimen.
The cracking of specimens during hot swaging was at first attributed to a decrease of temperature
during contact of the die with the specimen. Due to this reason the specimens were enveloped in
a titanium alloy and subsequently swaged in order to ensure sufficiently high temperature of the
whole specimen during the process. Unfortunately, the same result was obtained and the specimens
were damaged, i.e., cracking occurred as well. It should be pointed out that this specimen contained
relatively high amount of oxygen (~0.75 wt %), which may have caused the brittleness of this alloy
at the given deformation conditions (i.e., temperature and strain rate). It is also possible that the
deformation temperature was too low and the strain rate was too high for the given specimens.
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(a) 

 

(b) 

Figure 5. The microstructure of the hot swaged (HEAP-S-SW) specimen: (a) overview with radial
cracks; (b) after forging in Ti-envelope.

Porosity was not measured in the HEAP-S-SW specimen because the swaging process was
interrupted due to specimen cracking, and the distribution of porosity was inhomogeneous.
Nevertheless it seems that some regions in the swaged samples had significantly lower porosity
and therefore swaging had some potential to eliminate the porosity. Swaging caused a slight increase
of the oxygen concentration as well, as seen in Table 2.

Table 2 shows that hardness increased during hot swaging to more than 400 HV10, indicating
strengthening of the material by dislocations introduced by swaging. A significant increase of
dislocation density up to ≈3 × 1014 m−2 in the swaged sample was confirmed by LT spectroscopy, as
seen in Table 3. However, it should be accentuated that the specimen was damaged during swaging
and therefore this hardness value may not be representative. If the indent was made in the region
containing a crack, then it became larger due to a lateral shift of the material caused by opening of
the crack. As a consequence the determined hardness value was lower than in the region without
the crack.

3.4. Effect of SPS and HPT Processing

The microstructure of the MA-SPS-HPT specimen consisted of an equiaxed very fine (grain
size ~4 μm) microstructure with numerous precipitates and some amount of porosity (see Figure 6).
It should be accentuated that the MA-SPS specimen was damaged during the HPT process, as many
cracks emerged, and the specimen was separated into several smaller pieces. The microstructure of this
specimen shown in Figure 6 was obtained from one of these pieces. Figure 6a presents an overview
of the microstructure while Figure 6b shows detail of the microstructure with higher magnification.
Pores are marked as “1” in the Figure. The particle labelled “2” is the hcp phase rich in Hf and Zr.
The bcc1 phase (Nb and Ta rich) distributed mainly on grain boundaries is denoted as “3”. The particles
labeled “4” are HfO2 oxides (with some minor other elements concentrations). The XRD pattern of the
MA-SPS-HPT sample is plotted in Figure 3. The sample contained a bcc phase with lattice parameter
a = 3.404(5) Å and a small concentration of HfO2 oxide.

The MA-SPS-HPT sample had the highest oxygen concentration among the samples studied,
as seen in Table 2, which indicates that a significant concentration of oxygen was introduced into the
alloy during the MA processing.
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(a) 

 

(b) 

Figure 6. SEM micrograph of MA-SPS-HPT specimen: (a) overview of microstructure; (b) detail of
microstructure with the pores (marked “1”) and three kinds of precipitates (marked “2, 3, 4”).

The AT-SPS-HPT sample had an equiaxed microstructure with a pure bcc phase and the lattice
parameter a = 3.406(4) Å. No residual porosity and no precipitates of secondary phases were observed,
as seen in Figure 7. The mean grain size of sample AT-SPS (i.e., before HPT straining) was ≈50 μm,
as seen in Figure 7. After HPT deformation (sample AT-SPS-HPT), the mean grain size decreased
below 0.5 μm. The microstructure was highly deformed. The AT-SPS-HPT samples contained the
lowest concentration of oxygen among the all samples studied (~0.12 wt %). Hence, the SPS treatment
resulted only in a slight increase of oxygen content, if any.

One can see in Table 3 that both MA-SPS-HPT and AT-SPS-HPT samples exhibited a single component
LT spectrum with lifetime τ2 ≈ 180 ps. This testifies that virtually all positrons were annihilated in a trapped
state in dislocations (so called saturated positron trapping). Hence, one can conclude that HPT processing
resulted in formation of a high density of dislocations exceeding 5 × 1014 m−2.

 

Figure 7. SEM micrograph of AT-SPS specimen.

4. Discussion

4.1. Residual Porosity

Results obtained for HEAP-S and HEAP-S-HIP samples (see Table 2) indicate that HIP
processing had some potential to decrease residual porosity. However, this decrease was quite
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small and considerable porosity remained in the specimen. The fact that even HIP processing at
1400 ◦C/200 MPa/2 h did not remove the porosity completely can be ascribed to a high volume fraction
of pores and to filling of the pores by Ar gas used as a pressing medium in HIP processing. The MA
powder compacted by SPS contained residual porosity as well, and small pores remained in the sample
even after HPT processing, as seen in Figure 6. It should be pointed out that the MA-SPS-HPT specimen
was broken into several pieces during the HPT process and therefore the results of such specimen are
disputable. In such cases, the HPT after cracking could not introduce full deformation (strain) to the
specimen. Contrary to this, SPS processing at 1300 ◦C of AT powder resulted in porosity-free samples
(see Figure 7).

It has to be mentioned that no microscopic porosity (vacancy clusters or voids) was found by LT
investigations in the HEA samples studied in this work, which means that residual porosity in the
present samples was mainly macroscopic porosity (large pores among grains).

4.2. Oxygen Content

The oxygen concentration in specimens fabricated by powder metallurgy techniques was
determined not only by oxygen content in the initial powders, but also by the processing route.
The highest oxygen concentration was found in the MA-SPS specimen. This was probably caused by
a significant oxygen contamination of powders with large active surface area. This was possibly due to
a long milling time and residual oxygen present in the milling atmosphere (Ar), and high reactivity of
some elements with the oxygen (e.g., Ti, Hf) [40]. In the HEAP samples the oxygen content increased
more significantly during HIP (Ar atmosphere) than during sintering (vacuum <1.10−3 Pa). It also
seems that the oxygen content was decisive for the plasticity of the alloy as the only specimen with
enough ductility to undergo the cold plastic deformation was the AT-SPS specimen, which had the
lowest oxygen content. Other specimens were damaged by crack formation during deformation at
room temperature or even at higher temperature (swaging at 950 ◦C). It should be pointed out that the
possibility of hot deformation of the alloy with increased oxygen content cannot be excluded under
suitable conditions (i.e., low strain rate, or higher processing temperature) [41], but this possibility
needs more detailed study.

The high oxygen content in the MA-SPS alloy well corresponds to the presence of numerous oxides
(mainly HfO2) in the microstructure detected by SEM and by XRD. They emerged probably during
mechanical alloying and are also one of the reasons of the brittleness of the alloy [42]. The thermal
stability of these oxides is very high and therefore they were not dissolved during the SPS process [43].
The second reason is probably the oxygen dissolved in the matrix [44]. The AT-SPS is the only sample
with single phase bcc solid solution with no other phases. Single phase random solid solution is
caused by relatively high cooling rate after SPS processing at high temperature of 1300 ◦C, where all
secondary phases are supposed to be dissolved [2,22,26,45–48]. It was reported by Senkov et al. [22]
that cooling rate higher than 15 ◦C/min is sufficient for retaining single phase random solid solution at
this alloy. The cooling rate after SPS is very high as the sample was cooled from sintering temperature
(1300 ◦C) to room temperature in 3–4 min. Therefore the achieved cooling rate around 300 ◦C/min is
much higher than 15 ◦C/min. On the other hand the specimens after sintering or HIP were slowly
cooled with the furnace. The estimated cooling rate (HIP and sintering had similar cooling rate) was
lower than 12 ◦C/min under 800 ◦C (lowering with decreasing temperature). This cooling rate was not
high enough to suppress formation of the bcc2 and hcp phases.

The grain size of the MA-SPS specimen was lower than for the others (except that after HPT).
This was caused by the intensive plastic deformation during high energy ball milling, which resulted
in a high number of nucleation sites for new grains formed by recrystallization during SPS processing.

4.3. Hardness

Very high hardness of the MA-SPS-HPT specimen (584 HV10) can be ascribed to the high oxygen
content in solid solution and also the presence of oxide particles that caused additional strengthening.
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As seen in Figure 8 hardness was correlated with oxygen content in the sample. Hardness remained
approximately unchanged with increasing oxygen content up to the oxygen concentration of ≈0.8 wt %.
Above this value hardness strongly increased with oxygen concentration. This indicates that there was
a certain threshold of oxygen concentration in the sample above which it had a significant hardening
effect. It is likely that the remarkable hardening effect of oxygen above 0.8 wt % was connected with
the formation of HfO2 particles with a monoclinic structure, which were detected in MA-SPS and
MA-SPS-HPT samples by SEM and X-ray diffraction. Additional strengthening (not connected with
oxygen) was caused by dislocations introduced by severe (cold) plastic deformation. In Figure 8 one
can see that HPT straining increased hardness of both MA-SPS-HPT and AT-SPS-HPT samples.

It has to be mentioned that HEAP-HIP and HEAP-HIP-S samples were characterized by
surprisingly low hardness. Hardness measurement of these samples could be influenced by porosity.
Moreover, the low hardness of the HEAP-HIP sample could be possibly attributed to different phase
composition. One can see in Figure 4c that Ta and Nb rich particles were not fully dissolved during
HIP and therefore this specimen was somewhat between a blend of powders and a high entropy
alloy. This was proved also by the XRD pattern in Figure 2, which showed the highest difference
between lattice parameters of the bcc1 and bcc2 phases. It was reported that the high entropy
effect may result into higher hardness since various radii of atoms occupying randomly lattice sites
cause random fluctuations of potential energy landscape, which hinders motion of dislocations [2].
This hardening effect was probably absent in the HEAP-HIP sample, as random solid solution was
not completely formed. This picture is supported by the fact that both bcc1 (Nb, Ta rich) and bcc2
(Hf and Zr rich) phases have lower hardness than HfNbTaTiZr random solid solution [38]. Subsequent
sintering improved the chemical homogeneity of the HEAP-HIP sample and increased hardness as
well. However, the hardness of HEAP-HIP-S still did not reach the values of HEAP-S and HEAP-S-HIP.
The cause of this effect remains unclear to the authors.
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5. Conclusions

HfNbTaTiZr high entropy alloy was produced by various methods of powder metallurgy including
mechanical alloying, sintering, hot isostatic pressing, spark plasma sintering, and high pressure torsion.
The microstructure and mechanical properties of HfNbTaTiZr prepared by various methods were
examined. It was found that the main problem in fabrication of HfNbTaTiZr alloy by powder
metallurgy is oxygen contamination. Samples prepared by cold isostatic pressing followed by sintering
and/or hot isostatic pressing contained oxygen in the concentration range of 0.55 wt %–0.85 wt %.
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Oxygen contamination of samples prepared by mechanical alloying was even higher, and the oxygen
concentration in these samples exceeded 1 wt %. Oxygen incorporated into the HfNbTaTiZr samples
caused deterioration of mechanical properties (embrittlement) and prevented formation of a single
phase random solid solution.

Investigations performed in the present work showed that the most promising powder metallurgy
method of production of HfNbTaTiZr alloy was spark plasma sintering of gas atomized powder.
HfNbTaTiZr alloy prepared using this route was found to be a single phase random solid solution,
and oxygen content in the sample was ≈0.12 wt % only. Moreover, it was shown that high pressure
torsion is a suitable method for grain refinement of high entropy alloys prepared by powder metallurgy.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/12/23/4022/s1,
Figure S1. (a) Nb; (b) Ti; (c) Zr; (d) Ta; (e): Hf.
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Abstract: Material structure is one of the important factors influencing abrasive waterjet (AWJ)
machining efficiency and quality. The force measurements were performed on samples prepared
from two very similar steels with different thicknesses and heat treatment. The samples were
austenitized at 850 ◦C, quenched in polymer and tempered at various temperatures between 20 ◦C
and 640 ◦C. The resulting states of material substantially differed in strength and hardness. Therefore,
samples prepared from these material states are ideal for testing of material response to AWJ. The force
measurements were chosen to test the possible influence of material structure on the material response
to the AWJ impact. The results show that differences in material structure and respective material
properties influence the limit traverse speed. The cutting to deformation force ratio seems to be a
function of relative traverse speed independently on material structure.

Keywords: abrasive waterjet; machining; traverse speed; material structure; material properties;
cutting force; deformation force

1. Introduction

Abrasive waterjet (AWJ) is a tool penetrating to machining technologies for 40 years demonstrated
by Natarajan et al. in their brief review [1]. AWJ is applied in many manufacturing processes.
Classical machining technics like cutting and milling are studied, e.g., by Axinte et al. [2] or
Rabani et al. [3]. Turning is one of the unusual machining processes and it was studied by
Zohourkari et al. [4]. Even less usual application studied by Schwartzentruber and Papini is piercing [5].
Grinding was studied by Liang et al. [6] or polishing, being studied by Loc and Shiou, are rarely used
applications [7], but more widespread use of these new kinds of AWJ machining is anticipated in the
near future. The AWJ is capable of machining almost every type of material, independently of its
thickness, if the jet energy is sufficient for penetration through material. The accuracy of this technology
is closely related to either regression or theoretical models, because no complex model for all types of
materials has been prepared to date. Two basic groups of models are used in practice; the first are
more suitable for ductile materials and the second ones are more appropriate for brittle materials.
The efforts of many research teams all over the world are focused on better understanding the erosion
process as one of the important bases for improvement of contemporary models or the creation of
new ones. A better understanding of erosion processes can also lead to the design of some new
AWJ tools. Therefore, information about quality of the AWJ machining process is very important for
quality control and it is obtained through many online and offline measurements. Conventional online
methods seem to be inappropriate due to the harsh environment during the machining process and
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strong sensitivity to irregularities present in jet flow or material properties. Therefore, usable methods
for online monitoring of the AWJ processes are still being sought.

Investigation of the acoustic emissions studied (e.g., by Rabani et al. [8]) is one of methods tested
for the monitoring of AWJ processes. Another type of AWJ cutting process monitoring was presented by
Hreha et al., studying the relations between the vibrations of cut material measured by accelerometers
and the surface roughness of cut wall [9]. However, the experiences of scientists described by Mikler
show that more than 25% of the information from acoustic emissions or vibrations may be incorrect
due to the misinterpretation of the complicated dynamic signal [10]. The attempts to determine the
quality of the machining process by vibration signals measured on cutting heads were also presented
in several research articles. Fabian and Salokyová [11–13] presented in these articles the measurements
and analyses of signals from accelerometers placed on a cutting head (mixing chamber) and attempted
to determine the relationship between some resonation frequencies and material cutting quality.

Research of new monitoring and control methods continues and research activities take various
forms. Karas et al. [14], for example, tried to determine AWJ characteristics through mathematical
modelling in Computational Fluid Dynamics CFD methods to prepare a tool to predict manufacturing
processes results. Li et al. [15] studied deformation of stainless steel 304 and its mechanical properties
after AWJ processing by using several methods. Pahuja et al. investigated the behaviour of the abrasive
water jet during its passage through a system of plates made from various kinds of materials [16].
Their findings are very important for certain industrial applications, namely in aerospace. However,
acoustic emissions, cutting head vibrations and other dynamic methods may be influenced by the
dimensions of machines, their stiffness, or the dimensions of machined pieces of materials as mentioned
by Mikler [10]. Searching for new ways of measurements applicable to new technologies has been
mentioned by Królczyk et al. [17]. Therefore, some alternative to dynamic measurements have
been investigated.

Forces can be used both for dynamic and static measurements. One of the first AWJ force
measurements has been described by Li et al. in 1989 [18]. Authors tried to measure the force response
of both the pure and abrasive water jet regarding several selected parameters—stand-off distance,
water nozzle diameter, focussing tube diameter, abrasive mass flow rate and abrasive size. The results
are inspirational for further research, but the basic relationships correspond with expectations based
on theoretical analyses and contemporary measurements. In the past, the force sensors were also
used for the determination of the pure waterjet velocity profile and diameter, as presented in Vala
and Vala et al. in [19,20] or for the investigation of possible safety hazards of hand operating tools
described by Hlaváčová and Vondra [21]. The problems with influencing the measured signal by
dimensions of machined pieces of material could be partially be reduced using a measurement on
samples with equal dimensions. Therefore, the force sensor measuring x-y-z forces during AWJ cutting
has been designed and patented by Mádr et al. [22]. Here, the force sensor is tested in order to find out
the limits of its use for the continuous monitoring of AWJ processes and their control.

The measurements presented in this article are aimed at the role of material structure impact
on measured data. During the measurements of forces on various metal samples, it was mentioned
that the most important parameter changing with this kind of material is the limit traverse speed.
The mutual ratio of forces in the axes seemed to be influenced just by this parameter and respective
“portion” of this value represented by the “actual traverse speed”. The intent of the presented research
was to eliminate the influence of other possible sources of material difference (elemental composition of
the material, density). Therefore, the material enabling an extensive change of strength characteristics
and thus the limit traverse speeds has been selected (in two very close modifications). Three different
traverse speeds were used for testing. The experiments were performed on two similar steels with a
broad scale of strength characteristics created by heat treatment of original raw materials. Therefore,
the material structure and respective material characteristics differ significantly, while the density
and elemental composition of material are identical. The results of force measurements confirm the
influence of traverse speed on the material response against AWJ penetration, but the direct influence
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of material strength characteristics on the force response is not strong. On the contrary, the force
measurement results indicate that the change of material properties influences the limit traverse speed
of AWJ machining. This fact causes movement with identical relative traverse speeds that induce
cutting forces in kerf (tangential and normal) in the same mutual ratio.

2. Theoretical Background

The theoretical model, used for the calculations necessary to determine the relative traverse speeds
(the independent variables in this research), is based on the limit traverse speed vPlim determined for
each material by Hlaváč et al. [23] according to his equations. The respective jet velocity loss αe is to be
determined experimentally because of the interaction time uncertainty (explanation of this parameter
and its determination was presented by Strnadel et al. in [24]). The respective equations are based on
jet and material characteristic parameters:

vPlim =

⎡⎢⎢⎢⎢⎢⎢⎢⎢⎢⎣
CA Sp π do

√
2ρ jp3

j e−5ξ jL (1 − α2
e )

8 H
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e e−2ξ jL + σmρ j
)
⎤⎥⎥⎥⎥⎥⎥⎥⎥⎥⎦

2
3

− vPmin (1)

αe = 1−
√

2p3
j HVti

8√ρ j σmam
(2)

The variables used in Equations (1) and (2) have the subsequent meaning: vPlim the limit traverse
speed; CA the coefficient modifying abrasive water jet performance according to the changing content
of abrasive below “saturation level” (above this level, the jet performance increases no more and
CA = 1); SP-ratio between the quantity of non-damaged grains (i.e., not containing defects) and the total
quantity of grains in the supplied abrasive material; do-diameter of the water nozzle (orifice); ρ j-density
of abrasive jet (conversion to homogeneous liquid); pj-pressure obtained from Bernoulli’s equation
for liquid with density and velocity of abrasive jet; ξ j-attenuation coefficient of abrasive jet in the
environment between the focusing tube outlet and the material surface (usually air); L-stand-offdistance
(distance between the focusing tube outlet and the material surface); αe-coefficient of abrasive water
jet velocity loss in the interaction with material (experimentally determined); H-material thickness;
ρm-density of material being machined; σm-strength of material being machined; vPmin-minimum limit
traverse speed of cutting–correction for the zero traverse speed (usually the value vPmin = an/60 is
used, where an is the average abrasive particle size after the mixing process inside the mixing head
and focussing tube); HV-material hardness; ti-interaction time; am-mean size of particles (elements) of
material–grains or their chips.

The declination angle of striations measured at the bottom edge of a sample wall for a certain
traverse speed introduced by Hlaváč [25] can be used for the calculation of the limit value according
the equation

vPlim = vP

(
ϑlim

ϑ

) 2
3

(3)

where the traverse speed vP is the experimental one for which the declination angle ϑ is measured
on the kerf wall [25]. The declination angle or respective relative traverse speed (the ratio of vP and
vPlim) can be utilized for determination of some quantities and process parameters regarding required
quality of cutting, i.e., declination angle of striations on the kerf walls [23] and inclination of the walls
(the taper) [26]. Because the traverse speed of the cutting head is the most easily controlled parameter
of AWJ machining, it is very important to know the relationship between this speed and resulting
quality, as it was presented by Hlaváč et al. [27]. However, the limit declination angle used for the
calculation of the limit traverse speed depends on the jet energy and material parameters. If the
energy of the AWJ is sufficient for full development of both types of material wear inside kerf, the limit
declination angle is close to 45◦. The limit declination angle value decreases, when the AWJ energy
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is decreasing regarding the necessary one for both types of wear, as indicated in [28]. Provided that
only cutting wear can be utilized, the declination angle can decrease to 22.5◦ and for very hard or very
thick materials the value 15◦ seems to be the limit one. These limits could be influenced not only by jet
energy and macroscopic material properties, but also by abrasive grains rigidity and material structure.

The scheme of the impacting force decomposition inside the kerf into cutting forces (tangential),
and the deformation (normal) and transverse (lateral) components is presented in Figure 1. Elements of
the components are signed by the axes of the force sensor.

Figure 1. Decomposition of the total impact force acting on the kerf head into the cutting (TF),
deformation (NF) and transverse (LF) forces; the forces elements are distinguished by subscripts
corresponding with force sensor axes directions, measured values are integral values in the selected
direction at a given moment.

Considering the force decomposition, the following is presumed of this behaviour of new quantities:
“The cutting to deformation force ratio (CDFR) depends on the ratio of the cutting-to-deformation
wear in the produced kerf”. It is anticipated that an increase of the traverse speed from a zero value to
the limit causes an increase of the CDFR up to a certain maximum value, achieved approximately for a
half of the limit traverse speed. This maximum corresponds with the maximum portion of cutting
force. Further increase of the traverse speed causes further increase of the deformation force. This is
caused by the increasing portion of the deformation wear due to kerf head curvature, while the cutting
wear cannot increase more. Therefore, the CDFR decreases for traverse speeds higher than a half of the
limit traverse speed. This consideration is valid only in cases when the energy of the jet is sufficient
for the full development of both types of wear. Lower energies than necessary (usually during the
cutting of very thick materials) makes it so that only cutting wear can be used to penetrate through
material. The residual jet energy inside the deep kerfs is insufficient for the proper development of the
deformation wear and it reflects back from the kerf as a reverse flow when the conditions for cutting
force are exceeded. This situation occurs when the outlet declination angle overcomes a value of
approximately 22.5◦ for medium-thick materials (1.5–2.5 thicker than appropriate to jet energy) or 15◦
for very thick materials (for thickness 2.5 higher than the appropriate one).

The theoretical model presented in [23–26] makes it possible to limit the transfer values determined
for one machining configuration to another, reducing the necessary experimental work. Equation (4) is
based on functional dependences of traverse speed on respective changing variables-Equations (1) and
(2). Therefore, the values ones determined for certain machine configuration like, e.g., in [27], need not
be determined again making new samples and measuring respective angles on them. Provided that
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the nozzle diameter, pressure and abrasive type are changed, the limit traverse speed for configuration
2 is calculated from the value for configuration 1 through the equation

vPlim2 = ηA21
d2

d1

√√
p3

2

p3
1

vPlim1 (4)

where vPlim2 is the limit traverse speed calculated for machine configuration 2; vPlim1 is the limit traverse
speed already known for machine configuration 1; ηA21 is a ratio of abrasive qualities (the second
to the first one), if they differ; d1, d2 are the respective nozzle diameters of configurations; p1, p2 are
the respective pumping pressures of configurations. The relative traverse speed (the main quality
indicator) is then determined as

vR =
vP

vPlim
(5)

To make the research as objective as possible, the experiments were performed on a different
device than the one originally used to determine the limit traverse speeds and the first cutting studies.
The limit traverse speeds were calculated from original values using Equation (4). The ratio of cutting
and deformation forces were determined and it its dependence was studied on relative traverse speed
to approve its relationship with material structure, because limit traverse speeds differ for individual
samples due to the differing structures of the materials (see [24] for details).

3. Materials and Methods

Several metal samples with different structures and respective strength characteristics were used
for experiments. The two similar steels 34CrMo4 (DIN norm) were used, differing namely by nickel
ratio. The raw material for each one was in another thickness. The composition of both steels is
presented in Table 1.

Table 1. Chemical composition of two modifications of 34CrMo4 steel in weight %, hydrogen content
is in ppm.

Steel
Kind

C Mn Si Cr Ni Mo Cu V Al P S N H

K 0.37 0.84 0.26 1.15 0.03 0.208 0.02 0.074 0.0113 0.012 0.004 0.0113 1.3

CK 0.36 0.84 0.29 1.13 0.24 0.200 0.04 0.093 0.0270 0.011 0.003 0.0120 1.1

The samples were prepared from material austenitized at 850 ◦C, quenched in polymer and
tempered at various temperatures; their tempering and respective uniaxial tensile strengths (σm) and
Vickers hardness (HV10) for individual samples are summarized in Table 2.
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Table 2. Steel 34CrMo4 samples austenitized at 850 ◦C, quenched in polymer and tempered at various
presented temperatures.

Sample Mark
(10 mm Thick)

Tempering
Temperature

(◦C)

Uniaxial
Strength

(MPa)

Vickers
Hardness HV

10

Limit Traverse
Speed vPlim1

(mm/min)

Limit Traverse
Speed vPlim2

(mm/min)

K37 20 2230 589 180 121
K38 250 1865 521 192 129
K39 400 1560 459 203 136
K40 510 1340 391 211 141
K41 580 1190 363 222 148
K42 620 1060 330 235 157

Sample Mark
(6 mm Thick)

Tempering
Temperature

(◦C)

Uniaxial
Strength

(MPa)

Vickers
Hardness HV

10

Limit Traverse
Speed vPlim1

(mm/min)

Limit Traverse
Speed vPlim2

(mm/min)

CK43 20 2160 581 278 186
CK44 250 1860 514 306 204
CK45 400 1550 464 330 221
CK46 510 1320 405 339 227
CK47 580 1230 372 341 228
CK48 640 970 314 378 253

The samples were previously used for research presented in [24], where the influence of tempering
on the material structure, namely the amount of carbides, was largely discussed. Therefore, the limit
traverse speeds vPlim1 are determined from the original cutting parameters used for sample preparation
in laboratory at the VŠB–Technical University of Ostrava (see [24]). Some of the samples analysed
in [24] are presented in Figure 2.

 

Figure 2. Samples used for analysis of material structure impact on declination angle (see [24]).

The limit traverse speeds vPlim2, necessary for experiments in Kielce, are calculated from
Equation (4) for respective values of parameters summarized in Table 3 (for workplace actually
used for experimental work–in Kielce–and the one used for previous experiments–in Ostrava).
Both limit traverse speeds (vPlim1, vPlim2) are presented in Table 2 for respective samples.
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Table 3. Summary of factors and parameters used for experiments in Kielce and the values used for
determination of the original limit traverse speeds vPlim1 in Ostrava (in brackets).

Variable (Unit) Value

Pump pressure (MPa) 250 (380)
Water orifice diameter (mm) 0.33 (0.25)

Focusing tube diameter (mm) 1.02 (1.02)
Focusing tube length (mm) 76 (76)

Abrasive mass flow rate (g/min) 240 (240)
Abrasive material average grain size (mm) 0.177 (0.180)

Abrasive material type Indian garnet (Australian garnet)
Abrasive quality ratio ηA21 0.95

Stand-off distance (mm) 2 (2)
Traverse speed (mm/min) 50–150

All cutting experiments were performed at the Faculty of Mechatronics and Mechanical
Engineering, Department of Materials Science and Materials Technology, the Kielce University
of Technology, Poland. Experimental factors and parameters of the abrasive waterjet are summarized
in Table 3.

The cuts in steels were performed at fixed three traverse speeds for each thickness of tested steels.
The respective relative traverse speeds were calculated from these three pre-set traverse speeds and
the respective limit traverse speeds vPlim2 calculated from values vPlim1 listed in Table 2. The forces in
x and z directions were measured by special measuring device being able to measure forces in three
orthogonal axes [22]. Design of this device is shown in Figure 3.

 

Figure 3. Overall view of the force sensor–black boxes contain amplifiers for strain gauges.

Signals from all measuring directions were recorded to a computer via the Signal Express program.
After that, a raw voltage signal was processed with a program prepared in LabVIEW. The entire
measuring system contains a DC source, the measuring part with deformation elements covered by
extensometers, electric signal amplifiers (Figure 3), AD transducer, and computer with recording and
processing software (Signal Express, LabVIEW, Austin, TX, USA).

The overall experimental procedure starts by placing the force sensor on the cutting table and
fixing it to the grid, usually through putting heavy elements on the boxes with electronics, as presented
in Figure 4. The sample is mounted to the removable plate with a central hole and placed into the
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frame signed “sample fixture” in Figure 3. The cutting machine and measuring system are switched
on and prepared for starting the cut.

 

Figure 4. Force sensor on the cutting table in Kielce.

The recording on the measuring system is started first and then the cutting machine is put into
operation. The movement of the cutting jet starts from outside the sample and ends approximately
20 mm inside the sample. The resulting shape of the samples after cutting is presented in Figure 5.

 

Figure 5. Samples after cutting for force measurement.

A typical measured signal is shown in Figure 6. There are electric signals from all Wheatstone
bridges formed by extensometers placed on deformation elements of the force sensor. One bridge
is for the x+ axis (two deformation elements), the next one for x− axis (two deformation elements).
Two more bridges are for y+ and y− axes. The force in the selected direction is a mean of the absolute
values in both directions of the respective axis. It was a different situation with z axis, because only the
direction towards the ground is relevant. There are also two couples of deformation elements with
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respective bridges, but each of them registers only a part of the total force in the z direction. Therefore,
the resulting force is a sum of these parts. The force signal after processing in LabVIEW program is
presented in Figure 7.

 

Figure 6. Electric signals measured by force sensor during cutting process of CK 44. Signal lines:
yellow (1st from the top)–one part of the z axis, magenta (2nd from the top)–second part of the z axis,
white (3rd from the top)–x+ axis, red (4th from the top)–x− axis, green (5th from the top)–y+ axis,
blue (the bottom line)–y− axis.

 

Figure 7. Force signal in z-axis after processing in LabVIEW program. Description of force signal parts:
1–2–signal before starting of the cutting process; 2–3–signal for the jet moving towards material (it is
just impacting water in the waste energy attenuating vessel); 3–4–signal for jet starting to penetrate to
material from the open side; 4–5–signal from the cutting through material; 5–6–signal from ending the
cutting and stopping the machine; 6 to the end–signal from non-cutting system; A and B–lower and
upper levels of force: the difference is force value in z-axis.

4. Results

The forces in the x-direction and z-direction (cutting and deformation ones respectively) were
calculated from measured signals in the self-prepared program for signals processing in the LabVIEW™.
The respective force values are the differences of the mean values of the signals in parts 4–5 and 2–3
(see Figure 7). The levels of average forces are represented by lines A (lower level) and B (upper level).
The difference of these two values is the force value of the respective axis in a particular measurement.
The relative traverse speeds were calculated from Equation (5) from the actual used traverse speed
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(the heading line of Table 4) and the respective limit traverse speed vPlim2 (see Table 2) calculated for
each material from vPlim1 through Equation (4). CDFR values for various relative traverse speeds are
summarized in Table 4 and graphically presented in Figure 8.

Table 4. CDFR values and the respective relative traverse speeds vR (in brackets).

Samples 34CrMo4/10 mm 50 mm/min 75 mm/min 100 mm/min

K37 0.50 [0.41] 0.60 [0.62] 0.51 [0.83]
K38 0.60 [0.39] 0.70 [0.58] 0.61 [0.78]
K39 0.60 [0.37] 0.69 [0.55] 0.57 [0.73]
K40 0.50 [0.35] 0.61 [0.53] 0.52 [0.71]
K41 0.52 [0.34] 0.66 [0.51] 0.58 [0.67]
K42 0.50 [0.32] 0.65 [0.48] 0.59 [0.64]

Samples 34CrMo4/6 mm 100 mm/min 125 mm/min 150 mm/min

CK 43 0.60 [0.53] 0.68 [0.67] 0.56 [0.81]
CK 44 0.54 [0.48] 0.67 [0.61] 0.61 [0.73]
CK 45 0.59 [0.45] 0.66 [0.57] 0.57 [0.68]
CK 46 0.53 [0.44] 0.67 [0.55] 0.57 [0.66]
CK 47 0.51 [0.43] 0.65 [0.54] 0.56 [0.65]
CK 48 0.50 [0.40] 0.60 [0.49] 0.57 [0.59]

 

Figure 8. Graph of relationship between relative traverse speed and CDFR.

It can be seen that parabolic function is a good approximation of relationship between relative
traverse speed and CDFR (representing cutting to deformation wear ratio inside the produced kerf).
Nevertheless, no evident relationship on material structure is detected in the CDFR primarily. Quite the
opposite—it seems like the CDFR is identical for a certain relative traverse speed independently of the
material structure.

The respective regression equation for the calculation of the CDFR value from respective relative
traverse speed value was determined in Excel for all measured values as.

CDFR = −1.5 v2
R + 1.8 vR + 0.08 (6)

156



Materials 2020, 13, 3878

Points (experimental results) presented in Figure 8 are determined as ratios from forces measured
in x and z directions for respective relative traverse speeds (see Table 4). The regression equation and
the respective curve in Figure 8 are presented just as a partial proof of the hypothesis presented in
the theoretical portion and stating that the CDFR increases with increasing traverse speed up to the
maximum at around the half of the limit traverse speed, and then it decreases.

5. Discussion

All experimental results indicate that material structure influences the material response to AWJ
namely through changes of the limit traverse speeds. Material strength, hardness and structure,
namely the amount and size of carbides [24], cause differences in absolute value of the limit traverse
speed. This factor, the limit traverse speed, seems to be the main AWJ characteristic influenced by
material structure directly, and probably the only one. The presented research was aimed at testing the
influence of the material structure on the forces measured during AWJ machining, namely cutting.
Therefore, two steels with a large change of structure depending on heat treatment were selected for
tests. Each of the steels was of a different thickness. Heat treated samples with identical thickness
were cut using the same scale of three traverse speeds. The different steel structures cause different
limit traverse speeds. Therefore, it is evident that the ratio of the actual and limit traverse speed
(relative traverse speed) should be the most appropriate independent variable for evaluation of the
structure influence on the CDFR.

According to Hlaváč’s theoretical model represented by Equations (1)–(3), it was anticipated that
the identical relative traverse speeds produce similar cutting to deformation force ratios indicating so
analogical ratios of cutting to deformation wear inside the produced kerfs. Differences in the CDFR
are caused by a change of the relative traverse speed due to either the uncertainty of the material
properties or the AWJ characteristics. Experimental results show independence of the CDFR on
material thickness for AWJ energies sufficient for the full development of both types of material wear
inside the produced kerf.

The contemporary research can be supported by conclusions based on results presented in [24].
The most important experimental and calculated results regarding size and volume percentage of
carbides are summarized together with the respective limit traverse speeds in Table 5. Equation (7) for
the calculation of carbide sizes dc regarding the tempering temperature Tt has been determined from
experimental results partially published in [24]

dc = 0.0000004T3
t − 0.0003787T2

t + 0.1202Tt + 15 (7)

Table 5. Tempering temperatures of the 34CrMo4 steel, respective experimental carbide sizes, carbide
sizes calculated from experimentally based Equation (7), volume percentage of carbides and the limit
traverse speeds set for the cutting machine in Kielce.

Sample Mark
(10 mm Thick)

Tempering
Temperature

(◦C)

Measured Size
of Carbides dc

(m)

Calculated
Carbide Size

dc (m)

Percentage of
Carbides (%)

Limit Traverse
Speed

(mm/min)

K37 20 121
K38 250 27.54 27.63 2.20 129
K39 400 28.36 28.09 3.50 136
K40 510 31.01 30.86 5.37 141
K41 580 35.72 35.37 6.42 148
K42 620 39.26 39.28 7.53 157

The description of experimental materials presented in [24] states: “The increase in density of
fine carbides at higher tempering temperatures is caused by the coarsening of carbides accompanied
by a change in their coherence to non-coherent phase boundaries. The plastic deformation is easier
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in the presence of coarse carbides, primarily because dislocations may overcome fields of coarse
carbides during plastic deformation by means of the Orowan mechanism, which requires relatively low
energy [29]. The significant effect of fine coherent precipitates on hardening is replaced by hardening
by means of non-coherent carbides, in which increasing carbide size is accompanied by a decline in
hardening [30].” Therefore, it was necessary to test if the changing structure of material has the direct
influence on the CDFR trends.

Figure 9 is showing a comparison of trends of the carbide size, volume percentage of carbides
and the limit traverse speed dependence on tempering temperature. All three trends are identical,
proving that the limit traverse speed clearly depends on the structure of the experimental material.
Simultaneously, the difference between these trends and the trend of the CDFR dependence on the
relative traverse speed confirms that the limit traverse speed is the proper variable influenced by
the material structure. The CDFR is almost independent on the material structure, because it has a
similar trend and values for similar or identical relative traverse speeds (portions of the respective
limit traverse speed) independently on the absolute value of the limit traverse speed.

 

Figure 9. Trends of dependences of the carbide sizes, volume percentage of carbides and the limit
traverse speeds on the tempering temperatures of samples used for research of material structure
influence on AWJ cutting forces (the uncertainty magnitudes of experimental and calculated values
are added).

Another way of explanation is based on the detail description of the cutting process with increasing
traverse speed. When the traverse speed is close to zero, a very small part of the impacting jet is
cutting material, i.e., the force acting towards the traverse speed direction (the tangential force) is small.
Simultaneously, the part of the jet cross-section circumference projected to the plane perpendicular to
the traverse speed is just a jet diameter. The force in the direction of jet flow (the normal one) is also
small, but higher than cutting one due to the greater part of jet acting on the jet border (one half of the jet
cross-section circumference, i.e., π/2 times longer than for the cutting force). By increasing the traverse
speed the jet delay in the kerf makes the forehead of the kerf curve, increasing with the deformation
wear of material. Simultaneously, the pushing of the jet towards traverse speed direction also increases.
Up to a certain traverse speed, the tangential force pushing on the kerf forehead increases more rapidly
than normal force increasing due to kerf forehead curving. However, for a certain traverse speed,
the curvature of the kerf forehead is so high that tangential force cannot increase more, because part
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of the force pushing towards traverse speed direction projects to the normal direction. Therefore,
the ratio of cutting to the deformation force decreases. This whole scale of ratios can be observed when
the energy of the jet is sufficient for a full development of both wear types in the kerf. In the case of
very thick material cutting, when only the cutting wear can be utilized, the CDFR relationship on the
relative traverse speed either ends in the maximum value or at some point of the increasing part of the
curve. This knowledge can be used for AWJ machining monitoring and control.

6. Conclusions

The subsequent conclusions resulting from presented research work were found out during the
evaluation of data measured by the force sensor on the steel with a large scale of strength parameters
prepared by various thermal processing of identical raw materials:

(1) Changes in material structure influence primarily the limit AWJ traverse speed. This finding is
consistent with previously observed relationships between the material structure and the limit
traverse speed published in prior articles. The benefit of the presented research is that relationship
is confirmed independently on material composition and density.

(2) Differences in limit traverse speed caused by structure changes inflict different relative traverse
speeds for the fixed testing traverse speed set. Therefore, it is possible to evaluate a large set of
experimental results with a limited number of samples to yield broad range of relative traverse
speeds. This is an important consequence of the application of the presented theoretical base for
experimental planning and design.

(3) Dependence of CDFR on relative traverse speed has a parabolic relationship and the maximum is
located near the value 0.5 vPlim. This finding is one of the important new results of the presented
research. It is confirmed on steel samples 6 mm and 10 mm thick and AWJ power density higher
than 8 GW·m−2.

(4) The parabolic shape of the functional relationship between relative traverse speed and the CDFR
is confirmed for AWJ characteristics being sufficient for a full development of both wear types
(cutting and deformation ones) inside the produced kerf. An increase of material thickness or
decrease of AWJ power may cause that only the cutting wear can be present and the deformation
wear is either substantially suppressed or fully eliminated. Searching for respective limits is the
aim of subsequent research.

(5) It can be anticipated that decreasing of the limit traverse speed for increasing material thickness
causes shift of the CDFR maximum closer to the limit traverse speed, i.e., the maximum is either
shifted to the relative traverse speed equal to one or no maximum occurs at all (the curve of CDFR
relation on relative traverse speed has only increasing character).

(6) The dependence of the CDFR primarily on relative traverse speed and independence of the
CDFR on the material structure are the most important new findings of presented research,
because they make force measurements usable for monitoring and control of all kinds of materials,
provided that AWJ power is sufficient for both kinds of material wear inside kerf.
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27. Hlaváč, L.; Hlaváčová, I.M.; Arleo, F.; Viganò, F.; Annoni, M.; Geryk, V. Shape distortion reduction method
for abrasive water jet (AWJ) cutting. Precis. Eng. 2018, 53, 194–202. [CrossRef]
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Abstract: Although the abrasive waterjet (AWJ) has been widely used for steel cutting for decades
and there are hundreds of research papers or even books dealing with this technology, relatively little
is known about the relation between the steel microstructure and the AWJ cutting efficiency. The steel
microstructure can be significantly affected by heat treatment. Three different steel grades, carbon
steel C45, micro-alloyed steel 37MnSi5 and low-alloy steel 30CrV9, were subjected to four different
types of heat treatment: normalization annealing, soft annealing, quenching and quenching followed
by tempering. Then, they were cut by an abrasive water jet, while identical cutting parameters
were applied. The relations between the mechanical characteristics of heat-treated steels and the
surface roughness parameters Ra, Rz and RSm were studied. A comparison of changes in the surface
roughness parameters and Young modulus variation led to the conclusion that the modulus was not
significantly responsible for the surface roughness. The changes of RSm did not prove any correlation
to either the mechanical characteristics or the visible microstructure dimensions. The homogeneity of
the steel microstructure appeared to be the most important factor for the cutting quality; the higher
the difference in the hardness of the structural components in the inhomogeneous microstructure
was, the higher were the roughness values. A more complex measurement and critical evaluation of
the declination angle measurement compared to the surface roughness measurement are planned in
future research.

Keywords: abrasive water jet cutting; surface roughness; heat treatment; hardness; tensile strength

1. Introduction

The technology of Abrasive waterjet (AWJ) has been widely used in many areas of human activity
for several decades. The physical principle of the process is the transfer of mechanical energy from the
pump to material and its use for required operations, namely various types of material disintegration
such as milling [1,2], machining of composites [3], rock breaking [4], wood cutting [5], and many
others. One of the most frequent and important applications of this technology is material cutting.
Its efficiency should be evaluated from two points of view: either by the amount of consumed energy
along with the costs, or by the evaluation of the quality of the cut, namely the surface roughness and
cutting accuracy [2,5–8]. In the case of plain dividing cuts, the quality is usually not the most important
thing. However, it may become the key problem in complex engineering processes.

It is rational to suppose that the quality of the cut would be influenced by material characteristics.
The father of the AWJ technology, Hashish, originally identified material strength as an important
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characteristic influencing the AWJ cutting process [9]. However, in his erosion model for predicting the
depth of the cut of abrasive waterjets in different metals [10], he described the correlation with the elastic
modulus and dynamic flow stress, one of the two main properties he needed for a metal cutting process
characterization. Later on, Zeng and Kim studied the correlation of various material parameters:
the material structure element size, flaw distribution, Young’s modulus of elasticity, Poisson’s ratio,
fracture energy, density, flow stress, AWJ cutting efficiency and the quality of the surface [11]. In a
model presented by Che et al. [12], the influence of the material hardness on the surface roughness
was investigated. Vikram and Babu developed a model for the numerical simulation of the cutting
process, introducing material density [13]; Deam et al. [14] based a theoretical 2D model on the cutting
wear factor introduced by Bitter [15,16]. There has been a lot of other interesting research work since
then [17]. Whereas in models published in [11–14], the data used for the proposed models’ verification
came from the cutting of nonmetal, rather brittle, materials, e.g., granite, perspex or ceramics, other
authors focused their attention on metals, like Hashish did. Arola and Ramulu found that the depth of
subsurface plastic deformation is inversely proportional to a metal’s strength coefficient [18], Chen et al.
improved the cutting quality of mild steel by controlled nozzle oscillations [19], Hascalik et al. studied
the depth of cut and smooth cutting region on titanium [20], Hlaváč et al. proposed a method for
the compensation of the jet retardation and the taper [21], and Monno et al. studied the influence
of heat treatment on the kerf roughness of carbon steel cut by AWJ [22]. Some of these researchers
prepared models for the process description, while others focused on specific problems, among which
the geometric accuracy, surface integrity and kerf roughness are achieving much attention [22–24].
Roughness might be important not only for manufacturers but also for material engineers, due to its
potential to reduce necessary final polishing in cases when AWJ is used for cold cutting in sample
preparation [25]. Although a lot of research was done in the search for a direct and simple connection
between the material parameters and the cutting quality, and some unsubstantiated theories were
published, no reliable proofs of such a linkage has been brought forward up to now.

One of the most interesting and inspiring works is the research of Strnadel et al. [26], who studied
the relationships between the declination angle introduced by Hlaváč [27] and selected material
properties, namely the strength, hardness and material element size. Although their research was
aimed at another problem, they announced that their results indicated the dependence of the AWJ
declination angle not only on strength characteristics, but also on the microstructure of the steel—i.e.,
on the way in which plastic deformation occurred during the AWJ–material interaction. Mono et al. [22]
tried to trace this dependence in more detail and studied carbon steel C40 subjected to two different
heat treatments and cut with different traverse speeds. They found that workpiece hardness affected
the surface finish in different ways depending on the AWJ cutting parameters.

Our research group investigated the changes in the interaction of AWJ and steels with different
microstructures under standard cutting parameters usual for the chosen thickness of the steel material.
Three different steel grades suitable for heat treatment were chosen, and experiments aiming to reach
significant changes in the steel microstructure were designed.

Carbon steel C45 represents a structural carbon steel for quenching and tempering, surface
hardening, and for smaller and large forgings. It is suitable for shafts of mining machines, turbochargers,
compressor pistons, etc.; its weldability is very difficult [28].

Steel 37MnSi5 is a manganese-silicon steel for tempering, and for large and larger forgings. It is
relatively easy to form and also easy to machine. It is very susceptible to tempering brittleness. The steel
is used for medium-stress machine and motor vehicle components and is particularly wear-resistant.
The optimal diameter for finishing is 50 mm; its weldability is also very difficult [29].

Steel 30CrV9 represents a low-alloy steel with good weldability and machinability, which is
suitable for finishing, surface quenching, and chemical-thermal and nitriding treatment. It is used
on heavily stressed hardened machine parts and on nitrided parts, including nitrided gears. Due to
its high hardenability, it can be used for large forgings. It is also used for the crankshafts of aircraft
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engines, propeller heads, connecting rods, connecting rod bolts and similarly stressed machine parts
like the drive axles of motor vehicles, steering levers, etc. [30].

Our research was aimed at testing the validity of the findings presented in [26] for other surface
quality indicators than the declination angle, namely Ra and Rz, which are more generally applied in
engineering. We also included the mean width of the assessed profile RSm into our surface roughness
evaluation, as we supposed it to be potentially related to the internal structure of the material.

2. Materials and Methods

This paper deals with the influence of the microstructure of steels having passed through various
types of heat treatment on the cutting properties of an abrasive water jet. For this experiment,
three different types of steel, carbon steel C45 (W.Nr. 1.0503 or 1.1191 equivalent), micro-alloyed
steel 37MnSi5 (W.Nr. 1.5122 equivalent) and low-alloy steel 30CrV9 (W.Nr. 1.7361 equivalent), were
used. The materials were chosen so as to maximize the changes in their characteristics induced by
heat treatment. As the amount of carbon was different in each of them, different changes in the steel
microstructure could be expected. The chemical composition of steels determined by glow discharge
optical emission spectrometry (GDOES) [31] on a GDA 750 instrument, produced and supplied by
Spectruma analytic Gmbh, is given in Table 1.

Table 1. Chemical composition of examined steels in wt. %.

Steel Grade C Mn Si P S Cr Ni Mo V

C45 0.42 0.66 0.29 0.02 0.01 0.08 0.05 0.01 0.00
37MnSi5 0.39 1.18 1.27 0.03 0.01 0.08 0.04 0.01 0.02
30CrV9 0.27 0.53 0.29 0.02 0.02 2.85 0.05 0.01 0.17

Originally, there were hot rolled round bars with a diameter of 200 mm. Discs 30 mm thick
were cut from these bars and divided into quarters. Each quarter was subjected to a different heat
treatment, namely: normalization annealing, soft annealing, quenching and quenching followed by
high temperature tempering. The parameters recommended by the producer (the first three columns)
and the real parameters used for the heat treatment are summarized in Table 2. All three quarters of
different steels were placed in the furnace and processed simultaneously in order to save time and
energy. Because the recommended ranges for heat treatment are different for the three grades of steel,
the efficiency of the treatment was not the same.

Table 2. The heat treatment: recommended and real (last column) values.

Heat Treatment C45 37MnSi5 30CrV9 Real Value

normalization annealing 840–870/air 850–890/air 860–900/air 865 1/air
soft annealing 680–720/furnace 680–720/furnace 700–740/furnace 710 1/furnace

quenching 800–830/water 820–850/water 830–880/water 830 1/water
quenching and tempering 530–670/water, air 530–680/water, air 550–660/water, air 600 1/ air

1 The temperature within all intervals was chosen.

Both normalization and soft annealing lasted 4 h, and it was followed by cooling down either
in the air (normalization) or in the furnace (soft). The quenching lasted 1 h in both cases and was
followed afterwards by either cooling in water (pure quenching) or tempering (2 h in the furnace).

The change of the mechanical characteristics of the tested steels due to heat treatment was
identified by a hardness measurement and tensile tests. The hardness was measured by a Vickers
hardness test HV30 (under a load of 294.2 N) on transverse metallographic sections taken from the
cut prisms (see below). The tensile tests were performed at room temperature on standardized
test specimens [32] on the Multipurpose Dynamic and Fatigue System LFV (100 kN) produced by
Walter+Bai AG, Switzerland. The loading speed was chosen to be 2 mm/min. Specimens for the tensile
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tests with a diameter d0 = 6 mm were prepared on a lathe from the prisms cut from the bulk material
by AWJ.

After the heat treatment, the parts were cut with a water jet into prism-shaped test specimens
with a square base measuring 10 × 10 mm and a length of 100 mm. The cutting itself was performed in
the liquid jet laboratory at VŠB-TUO with AWJ generated by a high pressure pump PTV 19/60 based
on HSQ FlowX5. The pump was modified by the producer in order to have adjustable pressure with
a pump with adjustable pressure from 50 MPa to 415 MPa; the maximum flow was 1.9 L per min.
The parameters used in the water jet cutting are shown in Table 3.

Table 3. AWJ cutting parameters.

Cutting Parameter [unit] Value

working pressure [MPa] 380
water flow rate [L/min] 1.9

water nozzle diameter [mm] 0.25
abrasive tube diameter [mm] 1.02

type of abrasive Australian garnet
mesh 80 1

abrasive mass flow rate [g/min] 225
stand-off distance [mm] 2

traverse speed [mm/min] 100
1 Mean diameter of particles should be approximately 180 μm.

A microstructure examination of the heat-treated samples was carried out on an optical microscope
Olympus GX51. The samples were grinded with 60, 80, 160, 320, 600, 800, 1200, 2400 SiC papers,
then polished with a diamond suspension (crystals 1 μm) and finally etched with Nital (4% solution of
HNO3 in ethanol) long enough to make the expected microstructures be well-distinguishable.

The surfaces cut by the above defined technology were then measured in three lines (upper line
1 mm below the upper edge, the central line, and bottom line 1 mm above the bottom edge of the
sample cut surface) by a contact tester SurfTest SJ-400 (Mitutoyo) using a diamond stylus tip with
radius 2 μm and cone 60◦, and three required surface roughness parameters were evaluated for each
line: the arithmetical mean deviation Ra, maximum height Rz and mean width RSm.

The arithmetical mean deviation of the assessed profile Ra [33] is one of the most widely used
parameters. It represents the arithmetic mean of the absolute ordinate Z(x) within the sampling length,
and it therefore provides for stable results, as the parameter is not significantly influenced by scratches,
contamination and measurement noise; furthermore, it is hardly affected by individual peaks or valleys
because it is the mean value of the whole profile [34]:

Ra =
1
l

∫ l

0

∣∣∣Z(x)∣∣∣dx (1)

On the contrary, the maximum height Rz [33] represents the sum of the maximum peak height
Zp and the maximum valley depth Zv of a profile within the reference length and so is significantly
influenced by scratches, contamination, and measurement noise due to its reliance on peak values.
Nevertheless, it is widely used and sometimes preferred in engineering applications [35]:

Rz = Rp + Rv = max(Zp) +
∣∣∣min(Zv)

∣∣∣ (2)

The third parameter that was selected to be potentially related to the internal structure of the
material was the mean width RSm [33]. This parameter is used to evaluate the horizontal size of
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parallel grooves and grains instead of the height parameters; it represents the mean value of the lengths
of profile elements within the sampling length (Equation (3)):

RSm =
1
N

N∑
i=1

Xsi (3)

where Xsi means the length of the i-th profile element.

3. Results

The results are presented in three sections, introducing each of the three materials individually.
Each section contains a table summarizing the measured mechanical parameters of the respective
steel grade (hardness HV30 results and results of the tensile tests, i.e., lower ReL and upper ReH

yield strength—or, if these are not significant, proof strength Rp0.2—ultimate tensile strength Rm and
percentage elongation after fracture A). Another table provides the surface roughness parameters:
the arithmetical mean deviation Ra, maximum height Rz and mean width RSm; all three lines are
presented, without an average evaluation, because the interaction of the AWJ with the material
traced on the bottom line is distorted by the pressure oscillations; therefore, the lines should be
discussed individually.

Finally, photos of the steel microstructure after the respective heat treatments are presented
and discussed. There are two photos of the same treatment; the second one with a five-time bigger
magnification highlights the details of the microstructure.

3.1. Steel C45

3.1.1. Mechanical Parameters

Various types of heat treatment induced more or less significant changes of steel mechanical
parameters (Table 4). As the tensile tests of the quenched C45 steel did not reveal a clear value of lower
and upper yield strength, the proof strength Rp0.2 was evaluated.

Table 4. Vickers hardness HV30, lower ReL and upper ReH yield strength, ultimate tensile strength Rm,
percentage elongation after fracture A.

Steel C45 HV30 ReL [MPa] ReH [MPa] Rm [MPa] A [%]

normalization annealing 184 ± 1 372.5 ± 2.5 381.8 ± 2.3 636.5 ± 2.9 19.5 ± 4.8
soft annealing 153 ± 4 274.1 ± 1.4 278.9 ± 2.4 577.9 ± 0.4 25.2 ± 2.8
quenching 458 ± 14 739.5 ± 9.8 1 - 1 1145.2 ± 7.8 2.87 ± 1.9
quenching and tempering 152 ± 2 492.6 ± 22.1 506.5 ± 24.7 732.7 ± 13.3 22.1 ± 1.6

1 The proof strength Rp0.2 had to be evaluated for quenched material.

3.1.2. Microstructure

The microstructure of C45 steel after normalization annealing was fine-grained ferritic-pearlitic
(Figure 1a) with unevenly precipitated pearlite (Figure 1b). According to [36], the steels with a lower
hardness (below 270 HV) are, to a great extent, affected by other factors than hardness, namely by
the pearlite nodular size. A larger pearlite size leads to a decrease of machinability in the form of an
increased wear of the classic tool. Several earlier studies regarding steel machinability proved that
the best machinability was provided by a spheroidized microstructure, as the amount of proeutectoid
ferrite was increased in such a microstructure. The same should be expected with a smaller pearlite
nodular size.
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(a) (b) 

Figure 1. C45 steel microstructures after normalization annealing: (a) central part; (b) detail.

After soft annealing, partially spheroidized pearlite and Widmannstätten morphology ferrite
(Figure 2a), i.e., needle-like growths of cementite within the crystal boundaries of the martensite,
became visible in the microstructure (Figure 2b). Widmanstätten structures tend to form when
the coarse-grained steel is rapidly cooled, which might have occurred with the hot rolled material
during production. The structure increases the brittleness of the steel, and it can only be relieved by
recrystallization above Ac3 (the final critical temperature at which free ferrite is completely transformed
into austenite during heating). The soft annealing temperature of 710 ◦C, lying below the eutectoid
temperature Ac1 = 727 ◦C (the critical temperature at which pearlite transforms into austenite),
notwithstanding the holding time of 4 h, is ineffective in the removal of this morphology; a complete
spheroidization of cementite could not be realized; therefore, a higher brittleness of the material should
be expected [37].

  

(a) (b) 

Figure 2. C45 steel microstructures after soft annealing: (a) central part; (b) detail.

As the hardenability of this steel was only 7 mm, the structure was not completely hardened.
The evaluated sample might have been taken too far from the original hardened surface, and therefore
the structure in Figure 3a consists mainly of pearlite and a ferritic network along the grain boundaries,
while the proportion of martensite, resp. bainite is very low. The heterogeneity of the microstructure is
also evident in this case (Figure 3b).
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(a) (b) 

Figure 3. C45 steel microstructures after quenching: (a) central part; (b) detail.

After quenching and high-temperature tempering, the microstructure was formed mainly by
bainite with a ferritic network along the grain boundaries (Figure 4a). The sample was taken closer
to the surface in this case, and therefore the incidence of the tempered turbid microstructure was
higher (Figure 4b).

  

(a) (b) 

Figure 4. Quenched and tempered C45 steel microstructures: (a) central part; (b) detail.

3.1.3. Surface Roughness Measurement

The results of surface roughness measurement provided by contact tester are summarized in
Table 5. The results of the all three lines are presented, named “upper”, “central”, and “bottom” in this
table. The most significant of them is the central line; the values measured on bottom lines might be
distorted by AWJ pressure fluctuations.

Table 5. Surface roughness characteristics after abrasive waterjet cutting.

Roughness Parameter
Normalization

Annealing
Soft Annealing Quenching

Quenching and
Tempering

Ra
upper 7.69 ± 1.12 7.67 ± 0.81 9.56 ± 0.82 8.38 ± 1.21
central 10.97 ± 1.05 10.35 ± 1.53 15.42 ± 1.88 13.51 ± 1.66
bottom 21.04 ± 2.25 16.58 ± 2.89 22.20 ± 2.52 20.65 ± 4.88

Rz
upper 43.72 ± 4.23 44.17 ± 3.78 50.42 ± 5.28 46.70 ± 4.57
central 56.43 ± 6.86 52.22 ± 7.63 75.87 ± 10.66 64.78 ± 6.22
bottom 97.03 ± 12.07 80.57 ± 7.63 102.17 ± 11.10 96.43 ± 20.31

RSm
upper 713.33 ± 113.16 723.85 ± 142.80 1025.58 ± 186.18 748.88 ± 192.38
central 860.18 ± 79.28 862.72 ± 134.19 1338.57 ± 196.84 937.60 ± 81.18
bottom 1249.15 ± 142.80 1056.90 ± 220.03 1165.18 ± 115.64 1054.15 ± 218.15
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3.2. Steel 37MnSi5

3.2.1. Mechanical Parameters

The heat treatment of manganese steel led to different changes of mechanical parameters than it
was with the carbon steel (Table 6). After quenching, this steel grade did not reveal a clear value of
lower and upper yield strength, therefore, proof strength Rp0.2 had to be evaluated both for quenched
and tempered material. The changes are displayed graphically in the discussion section.

Table 6. Vickers hardness HV30, lower ReL and upper ReH yield strength, ultimate tensile strength Rm,
percentage elongation after fracture A.

Steel 37MnSi5 HV30 ReL [MPa] ReH [MPa] Rm [MPa] A [%]

normalization annealing 163 ± 2 546.1 ± 40 562.5 ± 38.7 864.3 ± 43.8 22.6 ± 1.3
soft annealing 139 ± 2 495.6 ± 3.8 499.2 ± 5.2 782.0 ± 6.3 27.5 ± 2.6
quenching 306 ± 8 912.0 ± 29.5 1 - 1 1940.4 ± 21.7 3.86 ± 1.5
quenching and tempering 181 ± 1 724.4 ± 12.4 - 922.1 ± 8.0 19.8 ± 0.3

1 The proof strength Rp0.2 was evaluated for hardened material.

3.2.2. Microstructure

The microstructure of 37MnSi5 steel in the state after normalization annealing was
fine-grained ferrite-pearlitic (Figure 5a) with uneven pearlite precipitation associated with low-degree
annealing (Figure 5b).

  

(a) (b) 

Figure 5. 37MnSi5 steel microstructures after normalization annealing: (a) central part; (b) detail.

After soft annealing, an almost 100% spheroidization of the pearlite occurred (Figure 6a).
Compared to C45 steel, the spheroidization rate is higher due to the lower carbon content. Ferrite is
precipitated along the grain boundaries (Figure 6b). The microstructure after quenching was martensitic
with a low proportion of bainite and ferrite (Figure 7a). Although the individual martensite needles
are not clearly observed (they are too small), thanks to their tendency to become aligned parallel to one
another in a large region of the austenite grain, their characteristic microstructure can be recognized
quite well (Figure 7b). After refining, the microstructure is tempered martensitic-bainitic (Figure 8a,b).
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(a) (b) 

Figure 6. 37MnSi5 steel microstructures after soft annealing: (a) central part; (b) detail.

  

(a) (b) 

Figure 7. 37MnSi5 steel microstructures after quenching: (a) central part; (b) detail.

  

(a) (b) 

Figure 8. Quenched and tempered 37MnSi5 steel microstructures: (a) central part; (b) detail.

3.2.3. Surface Roughness Measurement

The Table 7 presents the results of surface roughness measurement on the three lines in similar
manner as it was done for the carbon steel. They are analyzed in detail in the discussion section.
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Table 7. Surface roughness characteristics after abrasive waterjet cutting.

Roughness
Parameter

Normalization
Annealing

Soft Annealing Quenching
Quenching and

Tempering

3.57 ± 0.32 3.63 ± 0.30 1.86 ± 0.14 2.00 ± 0.22
Ra 6.63 ± 0.63 9.20 ± 1.45 3.22 ± 0.45 2.56 ± 0.24

17.39 ± 3.27 21.41 ± 2.65 5.56 ± 0.82 3.61 ± 0.45
25.13 ± 2.16 24.50 ± 6.78 10.92 ± 1.13 13.68 ± 1.04

Rz 38.70 ± 4.22 49.57 ± 7.28 15.57 ± 1.45 13.68 ± 1.04
84.13 ± 15.23 99.63 ± 11.50 23.18 ± 2.31 17.47 ± 1.83
262.72 ± 30.01 239.73 ± 33.98 182.68 ± 30.49 148.03 ± 29.96

RSm 659.73 ± 98.06 791.65 ± 95.27 379.53 ± 69.09 242.63 ± 20.46
951.48 ± 142.95 1131.05 ± 100.84 1054.53 ± 276.95 851.50 ± 367.08

3.3. Steel 30CrV9

3.3.1. Mechanical Parameters

The low-alloy steel 30CrV9 was the least hard steel included to this research. Its mechanical
parameters after heat treatment are summarized in Table 8. Opposite to the other two steel grades it
had no lower and upper yield strength, its proof strength was evaluated instead.

Table 8. Vickers hardness HV30, proof strength Rp0.2 [MPa], ultimate tensile strength Rm [MPa],
percentage elongation after fracture A [%].

Steel 30CrV9 HV30 Rp0.2 [MPa] Rm [MPa] A [%]

normalization annealing 216 ± 0 745.9 ± 6.8 1203.1 ± 0.2 13.3 ± 1.2
soft annealing 120 ± 2 430.5 ± 5.3 682.0 ± 5.0 22.7 ± 1.2

quenching 292 ± 8 957.3 ± 80.1 1751.7 ± 48.3 3.7 ± 0.8
quenching and tempering 196 ± 1 920.3 ± 9.1 1032.9 ± 3.4 16.2 ± 0.4

3.3.2. Microstructure

After normalization annealing of 30CrV9 steel, the microstructure was formed by upper bainite
and ferrite (Figure 9a), although the cooling was performed in air. Due to the high hardenability of this
steel grade, the microstructure was partially quenched (Figure 9b).

  

(a) (b) 

Figure 9. 30CrV9 steel microstructures after normalization annealing: (a) central part; (b) detail.

Soft annealing led to a partial spheroidization of the pearlite (Figure 10a). Due to presence of
Cr and V carbides (the steel is alloyed with chromium and vanadium), spheroidization was slowed
down [38]. Ferrite was precipitated along the grain boundaries (Figure 9b).
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(a) (b) 

Figure 10. 30CrV9 steel microstructures after soft annealing: (a) central part; (b) detail.

The microstructure after quenching consists of low-carbon martensite and a small proportion of
bainite (Figure 11a,b), and after tempering it corresponds to tempered martensite (Figure 12a,b) [39].

  

(a) (b) 

Figure 11. 30CrV9 steel microstructures after quenching: (a) central part; (b) detail.

  

(a) (b) 

Figure 12. Quenched and tempered 30CrV9 steel microstructures: (a) central part; (b) detail.
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3.3.3. Surface Roughness Measurement

The Table 9 presents the results of surface roughness measurement on the three lines in the
same manner as it was for the carbon steel. They are analyzed in detail in the discussion section.
The horizontal parameter the mean width RSm shows such a large variance of values, that it cannot be
taken to any trustworthy consideration.

Table 9. Surface roughness characteristics after abrasive waterjet cutting.

Roughness
Parameter

Normalization
Annealing

Soft Annealing Quenching
Quenching and

Tempering

10.03 ± 1.24 8.10 ± 1.42 10.73 ± 1.24 7.17 ± 0.93
Ra 13.65 ± 1.63 11.08 ± 1.70 16.26 ± 1.38 9.15 ± 1.13

31.51 ± 2.27 26.47 ± 3.63 42.04 ± 3.75 17.60 ± 2.69
51.27 ± 6.49 46.60 ± 6.77 56.67 ± 5.38 40.95 ± 3.66

Rz 66.72 ± 5.42 56.60 ± 5.74 79.32 ± 6.63 51.08 ± 8.08
174.60 ± 13.61 144.48 ± 34.30 230.38 ± 25.25 82.50 ± 11.98
967.97 ± 182.43 697.45 ± 142.47 995.27 ± 220.03 765.17 ± 121.69

RSm 1315.48 ± 131.10 1012.73 ± 185.23 1116.10 ± 112.33 904.85 ± 138.45
2025.05 ± 292.21 2125.05 ± 340.08 1985.23 ± 172.60 1121.83 ± 140.32

4. Discussion

A set of 36 triplets of surface roughness parameters, which were assigned to the respective values
of four different material characteristics (Young’s modulus of elasticity, hardness, ultimate tensile
strength and ductility), was examined, in search of some dependency or correlation. The observed
findings will be described and their possible connection with the AWJ operation considered.

The first finding was obvious and undisputable: the range of changes in Ra (in the same line
position) varied from 41% to 54% for the same material; it is clear that such changes cannot correspond
to Young’s modulus values, which are never influenced by heat treatment to such an extent This
finding corresponds to a discrepancy between the modulus values and respective mean declination
angles referred to in [26]. It can, therefore, reasonably be stated that the modulus is not significantly
responsible for the surface roughness.

As for other mechanic characteristics, all measured values were studied and compared, and various
dependencies were analyzed. No obvious conclusions were discovered, although it is evident that there
should be some correlation. The mechanism of the AWJ operation is inherently different from that of
solid tools, and so macroscopic mechanical properties may exhibit contradictory effects from the point
of view of AWJ machinability. The steel microstructure can then represent the decisive factor for a final
classification. For example, a hard material may induce particle breakage followed by a decrease of jet
efficiency, but at the same time it should prevent the abrasives from making scratches in the material
and should result in a lower roughness of the cut if the material microstructure is homogenous.

The abrasive waterjet operation can be classified as a form of impact abrasive machining; it uses
a mixture of fluid and solid particles, impacts the surface of a target workpiece and causes either
permanent deformation or material removal [40]. In our AWJ machine, the abrasive mass flow rate is
32.5 g/s and the nominal size of particles is 0.18 mm; this amounts to ~4 × 106 particles per second,
which is only four particles per microsecond. At an impact velocity of several hundreds of m/s, the full
process of particle indentation and rebound lasts a fraction of μs [40]. Considering that the jet spreads
over a ~1 mm spot size, i.e., ~40× the area for a single particle impact, we realize that it is reasonable
to treat AWJ as a sequence of single particle impacts: each particle indents, removes material and
rebounds away from the target as an independent event without interference from other particles
or from workpiece motion [40]. The material response to the impact is described either as ductile
or brittle. Generally, ductile erosion is relevant to metals and similar materials that are capable of
significant plastic deformation. Brittle erosion applies to materials that crack and fragment under
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impact. However, from a microscopic point of view, the type of erosion is to a great extent influenced
by the microstructure of the material, namely by the fact that it is either homogeneous or that it is a
mixture of several components with different characteristics [40].

In the design of our experiment, it was expected that the roughness characteristic that might trace
the individual particle impact on the material would be the horizontal one: the mean width RSm.
This expectation, however, appeared to be false: the changes of RSm did not prove any correlation to
either the mechanical characteristics or the visible microstructure dimensions. Moreover, it is evident
that the values of RSm at the bottom lines are burdened with large uncertainty. When material is
cut with a traverse speed that ensures just a medium quality, as was the case in our experiments,
the bottom lines show considerable waviness rising from both pressure fluctuations and a decrease of
jet energy along the sample profile. This leads to a distortion of RSm values that is so extensive that on
the bottom lines they do not have any informative value.

Having compared the results of the vertical roughness parameters of all three grades of
steel, some interesting findings appeared. Ra reached its maximum value after pure quenching
for two steels: carbon steel C45 and low-alloy steel 30CrV9 (Figures 3 and 11, Tables 5 and 9).
The manganese-silicon steel exhibited a different behavior: the surface roughness dropped down
significantly after pure quenching, although both the hardness and ultimate tensile strengths increased
(Figure 7, Table 7). The quenched and tempered 37MnSi5 sample was cut with the lowest surface
roughness (Figure 8, Table 7).

The changes in Rz are similar, with the range of changes being just a bit lower. This result could be
anticipated; it corresponded to the fact that the samples were handled with care so that no additional
scratches or damage were generated. Although Rz is preferred to Ra by the contact tester manufacturer,
in the case of normal AWJ cutting Ra is usually more important.

Another interesting finding seems to be the difference of the roughness results for the carbon steel
and the two remaining ones. The quenched and tempered carbon steel had worse surface parameters
than both types of annealed carbon steel (Table 5); in the case of the steels with lower contents of carbon,
it was the other way around (Tables 7 and 9). The Vickers hardness HV30 measured on carbon steel
was lower, but the ultimate tensile strength was higher (Table 4, Figure 13). The reason for the worse
AWJ machining may, therefore, rather correlate with the steel microstructure. The steel microstructure
analysis revealed that the final microstructure of the carbon steel was formed mainly by bainite with a
ferritic network along the grain boundaries (Figure 4). This microstructure is likely to contain more
internal stresses [41], which tend to release during the cutting and cause a higher surface roughness
after AWJ cutting.

 

Figure 13. Relative changes of mechanical characteristics and measured surface roughness parameters
for C45. All values were normalized, being divided by respective reference values (150 HV, 560 MPa,
16%—values for raw C45 steel [37]; Ra, Rz, RSm values for the upper line of the normalization
annealing sample).
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Quenched and high temperature tempered 37MnSi5 and 30CrV9 were both martensitic with a low
proportion of bainite and ferrite (Figures 8 and 12); however, their elemental composition is different,
and this leads to a different way of precipitating carbon. Both manganese and silicon tend to deposit in
the solid phase and strengthen it. In contrast, both chromium and vanadium are elements that induce
carbide formation in the material; therefore, the carbides are present in this steel grade, although the
carbon content is lower than for manganese steel.

Both normalization and soft annealing led to a decrease of both the hardness and ultimate
tensile strength; therefore, it is not surprising that Ra and Rz decreased as well (Figures 14 and 15).
The microstructure of individual steel grades was identified in comparison with similar grades
published in the literature, such as [42].

 

Figure 14. Relative changes of mechanical characteristics and measured surface roughness parameters
for 37MnSi5. All values were normalized, being divided by respective reference values (170 HV,
880 MPa, 19%; Ra, Rz, RSm values for the upper line of the normalization annealing sample).

 

Figure 15. Relative changes of mechanical characteristics and measured surface roughness parameters
for 30CrV9. All values were normalized, being divided by respective reference values (150 HV, 790 MPa,
15%; Ra, Rz, RSm values for the upper line of the normalization annealing sample).

The abovementioned findings can be summarized, specifying the individual behavior of the
examined steel grades subjected to four types of heat treatment:

(1) C45 steel exhibits the effect of a higher carbon content, which increases the hardness and yield
strength Rm. The roughness values also increase for this steel grade, due to the presence of different
structural components; the inhomogeneous microstructure after normalization annealing consists
of ferrite (F)—soft phase and perlite (P)—harder phase. After hardening, there are three structural
components with different hardness in the microstructure: martensite (M)—the hardest, P—softer,
F—the softest. Two main phases (tempered M and B, softer than M but harder than P) appear again
after hardening and tempering.
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(2) 37MnSi5 steel contains less carbon; moreover, the presence of Mn and Si strengthen the solid
solution. The roughness values are lower than for C45 steel. After normalization and soft annealing,
two structural components occur in the microstructure: ferrite and perlite; meanwhile, after quenching
and quenching and tempering, the microstructure is quite homogeneous, formed by M and B with a
small proportion of ferrite, and therefore the roughness values are low when compared to those of
carbon steel, although the strength limits are relatively higher than for C45 steel.

(3) Although 30CrV9 steel has a low carbon content (see Table 1), the roughness values are
relatively high, probably due to the content of Cr and V-based carbides, which precipitate the matrix in
the state after hardening and hardening and tempering. In the normalized state and the state after soft
annealing, the influence of the inhomogeneous microstructure is again manifested, which will have an
effect on the impact of abrasive particles on the individual structural components, and thus on the
increase of the roughness value.

5. Conclusions

This paper presents findings of a new research topic that represents an interdisciplinary theme
requiring the cooperation of researchers from several fields. They can be summarized as follows:

1. Young’s modulus is not significantly responsible for the surface roughness of steel materials cut
with an abrasive water jet.

2. Pure quenching lowers the roughness of the AWJ cut if it is accompanied with the substantial
growth of the ultimate tensile strength and homogeneous steel microstructure.

3. The carbon contents in steel appear to be the primary factor influencing the behavior of the steel
grade in terms of AWJ machinability.

4. The homogeneity of the steel microstructure is another important factor. The higher the difference
in hardness of structural components (martensite, bainite, lamellar pearlite, spheroidized pearlite,
ferrite) in the inhomogeneous microstructure, the higher the roughness values.

In our future research, these findings will be verified on other steel grades, and the correlation
between the surface roughness parameters and the declination angle will be studied. Measurements
with various traverse speeds and sample thicknesses will enable us to study in detail the mechanism
of AWJ interaction with material and to derive cutting parameter optimization proposals for
heat-treated steels.
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International Organization for Standardization: Geneva, Switzerland, 2019.

33. Geometrical Product Specifications (GPS)—Surface Texture: Profile Method—Terms Definitions and Surface Texture
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Abstract: Probably the most advantageous fabrication technology of tungsten heavy alloys enabling
the achievement of required performance combines methods of powder metallurgy and processing
by intensive plastic deformation. Since the selected processing conditions applied for each individual
processing step affect the final structures and properties of the alloys, their optimization is of the utmost
importance. This study deals with thorough investigations of the effects of sintering temperature,
sintering time, and subsequent quenching in water on the structures and mechanical properties of
a 93W6Ni1Co tungsten heavy alloy. The results showed that sintering at temperatures of or above
1525 ◦C leads to formation of structures featuring W agglomerates surrounded by the NiCo matrix.
The sintering time has non-negligible effects on the microhardness of the sintered samples as it affects
the diffusion and structure softening phenomena. Implementation of quenching to the processing
technology results in excellent plasticity of the green sintered and quenched pieces of almost 20%,
while maintaining the strength of more than 1000 MPa.

Keywords: tungsten heavy alloy; powder metallurgy; sintering; quenching; microstructure

1. Introduction

Given by the requirements on high density, high strength, and favorable toughness and
ductility, tungsten heavy alloys (THAs) are advantageously used for demanding applications,
such as for radiation shielding, space industry components, therapeutic devices in oncology, aircraft
counterbalances, or kinetic penetrators [1–3]. THAs can be fabricated via modern technologies, such
as spark plasma sintering (SPS), or selective laser melting (SLM) [4–8]. However, the processing
parameters, which can be varied during such procedures, are limited. Probably the most advantageous
THA fabrication technology enabling the achievement of required performance of the final product
combines methods of powder metallurgy and processing by intensive plastic deformation, which can
preferably be performed by severe plastic deformation (SPD) methods [9–14] imparting significant grain
refinement, down to the ultra-fine scale (0.1–1.0 μm, e.g., equal channel angular pressing—ECAP [15]),
or even to nano-scale (≤100 nm, e.g., high pressure torsion—HPT [16]), resulting in the enhancement
of mechanical and utility properties via imposing high shear strain.

THAs typically consist of 90 to 97 wt. % of tungsten plus a mixture of other relatively low melting
elements, such as Fe, Ni, Co, and Cu, the combination and volume fractions of which significantly
influence the strength and plastic properties of the final product [17–20]. The tungsten content can
be increased up to 98 wt. % to improve the strength, however, the strength usually increases at the
expense of ductility; the content of matrix-forming elements lower than 3 wt. % usually supports
brittleness of the final product [21]. On the other hand, increasing the addition of alloying, i.e.,
matrix-forming, elements generally decrease strength, but increase ductility [22]; high contents of
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matrix-forming elements contribute to uneven shape of the cross-section of the sintered piece due to
gravity sedimentation during sintering, and consequently to non-uniformity of mechanical properties.

THAs are mostly consolidated from initial powder mixtures through powder metallurgy
techniques; preferably via liquid phase sintering (LPS) [23], the boundaries of the grains during
which melt and ensure binding of the tungsten particles and elimination of porosity via diffusion [24].
LPS offers the advantages of a relatively low processing temperature, favorable densification and
structure homogenization, high productivity, and minimum production waste (<5%) [25]. Under
optimized sintering conditions, the W and NiCo phases are homogenously distributed and the sintered
piece contains no visible pores [7]. Sintering is typically performed at temperatures between 1000 and
1500 ◦C to ensure melting of the matrix-forming binding elements [22,26,27]. The green sintered THA
work pieces typically feature high density (16–18 g·cm−3), and relatively high strength and plasticity.
Nevertheless, besides the chemical composition, the absolute values of the mechanical properties
after sintering depend on the character of the sintered structure, and, last but not least, also on the
subsequent processing steps (the mechanical properties of THAs can also be enhanced by post-sintering
deformation processing).

The presented work deals with the effects of sintering conditions, sintering temperature, and time
in particular, and possible quenching on the structure and basic mechanical properties of the studied
WNiCo tungsten heavy alloy. The primary goal is to optimize the sintering procedure in order to
provide the best possible starting conditions for subsequent deformation processing.

2. Materials and Methods

The investigated 93W6Ni1Co tungsten heavy alloy samples were prepared at ÚJP Praha a.s.
company (Praha, Czech Republic) from a homogeneous mixture of individual powders prepared by
mechanical alloying (impurities ~<13 ppm of Fe, Cr, Mo, Al, and Ca). The granulometric distribution
of the powder particles within the mixture was between 2 and 4 μm, and the mean particle size was
2.78 μm. The scanning electron image of the powder is depicted in Figure 1. After powders mixing, the
mixture was cold isostatically pressed at 400 MPa, and subsequently prepared in the following steps:

(1) sintering under a protective atmosphere (hydrogen) at temperatures varying between 1450
and 1550 ◦C, with the step of 25 ◦C, for 30 min each (the temperature range was suggested by the ÚJP
Praha a.s. company based on their previous experience);

(2) optional quenching in water-a set of samples was quenched after the mentioned sintering
procedures in order to observe possible changes in structures and properties;

(3) based on the acquired data, additional experiments with variable sintering time were
performed-sintering for 60 to 180 min, with the step of 30 min, at the sintering temperature of
1500 ◦C, and sintering for 180 min at the sintering temperature of 1525 ◦C.

Figure 1. SEM image of original powder mixture.
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The following structure analyses performed on cross-sectional cuts of the sintered (and possibly
quenched) pieces primarily focused on structure character and possible changes in distribution of the
individual elements within the structure. The transversally cut cross-sectional samples were ground
mechanically and polished vibrationally using a colloidal silica suspension (VibroMet 2 Vibratory
Polisher, Buehler, Esslingen, Germany) and subjected either to optical microscopy using an Olympus
DSX1000 digital microscope (Olympus Czech Group, s.r.o., Prague, Czech Republic), or to scanning
electron microscopy (SEM) using a Tescan Lyra 3 device (TESCAN Brno s.r.o, Brno, Czech Republic).
TEM images were acquired on ion polished thin foils using a JEOL 2100F (JEOL, Akishima, Tokio
prefecture, Japan) device. Porosity of the prepared samples was detected by an image analysis using
the ImageJ software; for each sample, four individual random scans the average porosity value from
which was subsequently calculated were observed.

The microhardness was measured via the Vickers microhardness method with the load of 1 kg and
loading time of 10 s using a Zwick-Roell machine (Zwick/Roell—Messphysik KAPPA LA, Zwick/Roell
CZ s.r.o., Brno, Czech Republic). The average value for each sample was calculated from a line scan
measured through the sintered sample cross-section with 0.5 mm spacing of the individual indentations.
As the diameter of the sintered samples was approximately 12 mm (up to ±3 mm), the final average
microhardness value was calculated from 13 indents for each sample. The tensile tests were performed
on 150 mm long testing samples with circular cross-sections of the diameters of 10 mm at the strain
rate of 10−3 using a Testometric M500-50CT testing machine (Testometric Co. Ltd., Rochdale, UK).
In order to eliminate errors caused by possible inhomogeneities occurring during sintering, four tensile
tests were performed for each sintering (and quenching) regime. The reported stress–strain curves
in the relevant section then show the ones corresponding the most to the average values for each
processing regime.

3. Results

3.1. Effect of Sintering Temperature on Structures

The results of the analyses investigating the effects of sintering temperature on the structures of
the pieces sintered for 30 min revealed significant change in the structure character at the temperature
of 1525 ◦C. Figure 2a shows the optical microscopy structure scan of the sintered-piece prepared at
1450 ◦C. The scan clearly shows structure inhomogeneity, as well as the presence of voids/gaps; the
average porosity for this sample was 4.86%. The optical microscopy scan of structure of the piece
sintered at 1475 ◦C is shown in Figure 2b depicting structure inhomogeneity comparable to the 1450 ◦C
sintered piece. However, the presence of voids is significantly lower when compared to the 1450 ◦C
sample (average porosity of 1.45%). SEM scan of the sample sintered at 1500 ◦C is shown in Figure 2c.
As can be seen, this sintering regime leads to certain structure homogenization and almost complete
elimination of porosity, which was as low as 0.23%. As depicted in the SEM scan in Figure 2d, the
sintering temperature of 1525 ◦C results in the formation of the microstructure consisting of tungsten
agglomerates and the NiCo matrix. Finally, Figure 2e shows the SEM scan of the structure of the
1550 ◦C sintered piece, the tungsten agglomerates surrounded by the NiCo matrix in which can clearly
be seen, too. Both the 1525 and 1550 ◦C samples exhibited no residual porosity.

In order to examine the effects of the sintering temperature on chemical composition, i.e.,
distribution of the individual elements within the structures, SEM-EDX analyses were performed
for selected sintered pieces. Figure 3a shows the chemical composition for the sample sintered at
1500 ◦C for 30 min depicted via distributions of the individual elements within the scanned area. Such
distribution was typical for the samples sintered at the temperature of 1500 ◦C and lower. Figure 3c
then shows quantitative evaluation of the individual elements within the scanned map. The chemical
composition depicted via distributions of the individual elements within the sample sintered at 1525 ◦C
for 30 min is shown in Figure 3b, corresponding quantitative evaluation of the individual elements
within the scanned area of the sample is then depicted in Figure 3d. Such distribution of the individual
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elements was typical for the samples sintered at and above the temperature of 1525 ◦C. The maps
in Figure 3b show that tungsten is primarily concentrated in the agglomerates surrounded by the
NiCo matrix.

(a) (b) 

 
(c) 

 
(d) 

 
(e) 

 
 

Figure 2. Structure scans of individual sintered pieces: 1450 ◦C/30 min (a); 1475 ◦C/30 min (b);
1500 ◦C/30 min (c); 1525 ◦C/30 min (d); 1550 ◦C/30 min (e). In OM images, white/light areas depict the
NiCo matrix, grey areas depict tungsten, and black areas depict voids/cracks.
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Figure 3. SEM-EDX maps of distribution of individual elements (W-red, Ni-blue, Co-violet) for sintered
pieces: 1500 ◦C/30 min (a); 1525 ◦C/30 min (b); quantitative evaluation of individual elements within
maps depicted in (a) and (b) in investigated structures, in wt. %: 1500 ◦C/30 min (c); 1525 ◦C/30 min (d).

3.2. Effect of Sintering Time on Structures

The subsequent research step was the investigation of the effects of variable sintering time at
the critical sintering temperature of 1500 ◦C. The results of the analyses are depicted in Figure 4a–e,
the SEM scans of samples sintered for 60, 90, 120, 150, and 180 min in which are depicted, respectively.
Evidently, increasing the sintering time at the temperature of 1500 ◦C to at least 60 min leads to the
formation of the microstructures consisting of tungsten agglomerates surrounded by the NiCo matrix.

Despite the fact that increasing the sintering time has favorable effects on the structure character
when examined via SEM, more detailed TEM investigations showed that increasing the time dwell
on the high temperature leads to inter-diffusion of tungsten into the NiCo matrix, as documented by
Figure 5a,b. Figure 5a shows a TEM scan of a W-NiCo-W interface within the sample sintered at 1500 ◦C
for 180 min, Figure 5b then shows the chemical composition (in wt. %) along a line scan measured
across the mentioned interface. As can be seen, the content of tungsten increased to about 50 wt. %
in the inter-agglomerate region by the effect of increased sintering time (negligible tungsten content
within the NiCo matrix was observed for the sample sintered at 1500 ◦C for 60 min (not shown here)).
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Figure 4. Structure scans of individual pieces sintered at 1500 ◦C for: 60 min (a); 90 min (b); 120 min
(c); 150 min (d); 180 min (e).

(a) 

(b) 

Figure 5. TEM scan showing a W-NiCo-W interface and measured line scan area for sample sintered at
1500 ◦C for 180 min (a); chemical composition of measured line scan (b).
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3.3. Effect of Quenching on Structures

Investigation of the effects of quenching into room temperature water right after sintering was
performed for all the samples sintered in the temperature range from 1450 to 1550 ◦C for 30 min, as well
as the sample sintered at 1500 ◦C for 180 min. As shown by the structure analyses the results of which
are depicted in Figure 6a–f, quenching does not have any significant effect on the structure character, as
the quenched structures were similar to the non-quenched ones; quenched samples sintered at/above
the temperature of 1525 ◦C for 30 min, and the sample sintered at 1500 ◦C for 180 min, exhibited
the structure consisting of W agglomerates and the NiCo matrix, while the other analyzed samples
featured more or less randomly distributed W/NiCo locations.

(a) (b) 

(c) (d) 

 
(e) 

 
(f) 

Figure 6. Structure scans of individual quenched pieces sintered at: 1450 ◦C/30 min (a); 1475 ◦C/30 min
(b); 1500 ◦C/30 min (c); 1500 ◦C/180 min (d); 1525 ◦C/30 min (e); 1550 ◦C/30 min (f).

3.4. Mechanical Properties

Microhardness was measured for all the sintered pieces in order to analyze the effects of the
sintering temperatures on their properties. The results of the measurements are summarized in Table 1.
As regards to the samples sintered for 30 min, the highest average microhardness value was recorded
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for the sample sintered at 1550 ◦C. However, the highest microhardness value of all was measured for
the sample sintered at 1500 ◦C for 180 min. This finding led to the performance of a supplementary
experiment, in which a sample was sintered at the temperature of 1525 ◦C for 180 min. However,
for the elevated temperature, the effect of increasing sintering time is not positive, as the microhardness
decreased dramatically when compared to the sample sintered at 1500 ◦C for 180 min.

Table 1. Average microhardness for sintered pieces.

Sample Sintering Regime Average Microhardness [HV] Standard Deviation

1450 ◦C/30 min 378.54 14.86
1475 ◦C/30 min 389.75 13.40
1500 ◦C/30 min 376.61 10.54
1500 ◦C/180 min 483.99 5.16
1525 ◦C/30 min 377.97 9.67
1525 ◦C/180 min 337.56 7.64
1550 ◦C/30 min 392.83 11.42

Last but not least, the tensile tests were performed for the sintered and subsequently quenched
pieces; the resulting stress–strain curves are depicted in Figure 7. Ass can be seen from the results,
the samples sintered at/below 1500 ◦C for 30 min, featuring structures with randomly distributed
W/NiCo locations and voids, exhibit very low plasticity (lower than 2.5%). The 1450 and 1757 ◦C
samples exhibited the lowest plasticity of less than 1%. On the other hand, structures featuring the
homogeneous distribution of tungsten agglomerates within a NiCo matrix exhibit a very high strength
of more than 1000 MPa, together with excellent plasticity (elongation to failure exceeding 20%).

Figure 7. Stress–strain curves for sintered and subsequently quenched pieces.

4. Discussion

Microstructure observations showed that, during sintering at temperatures above the critical
value of 1525 ◦C, the original powder particles consolidated and the structures exhibited the desired
distribution of tungsten agglomerates with the sizes of several dozens of micrometres surrounded
by a matrix primarily consisting of Ni and Co, whereas the samples sintered below this temperature
featured more or less randomly distributed locations with high tungsten or nickel-cobalt contents.
Moreover, the structures of pieces sintered below 1525 ◦C also featured voids and gaps. Sintering at
low temperatures thus does not impart the desired structure homogenization and spheroidization
of tungsten powder particles into agglomerates. In other words, sintering at temperatures at/above
1525 ◦C leads to local melting of the alloying elements, the melting temperatures of which are lower
than the sintering one (1455 ◦C for nickel and 1495 ◦C for cobalt [28]), which supports the development
of the desired structure character via diffusion. By this reason, especially the samples sintered below
1500 ◦C exhibited the presence of voids/gaps, as documented in Figure 2a,b.
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Having performed the first part of the study, we found that the optimum sintering regime among
the investigated ones, from the viewpoint of achievement of the required structure character, is the
temperature of 1525 ◦C and time of 30 min. However, as the sintering temperature is definitely higher
than the melting temperatures of both the alloying elements, the work pieces exhibit the tendency to
gravity sedimentation during sintering, which increases the cross-sectional ovality. In other words,
increasing the sintering temperature causes the shape of the cross-section of the sintered pieces to be
oval, more than circular. By this reason, an additional experiment with increasing the sintering time at
the sintering temperature of 1500 ◦C was performed.

Generally, increasing the sintering time was found to affect the mean size of the tungsten
agglomerates—it increased with increasing sintering time [29], as well as to support inter-diffusion of
the individual elements. Previous neutron powder diffraction measurements identified two individual
phases in the sintered pieces featuring the required structure character, the main one of which was α-W
featuring the B2 structure (W-B2 phase) [29]. The second phase, NiCo2W, with the weight fraction of
6–7% had a pure Ni-like structure (FCC) with the lattice parameter of about 3.60 Å, which is, however,
slightly larger than for pure nickel (3.55 Å). This fact indicated alloying of the matrix with larger atoms
(atomic radius of W, Ni, and Co is 139, 124, and 125 pm, respectively), and thus revealed the presence
of a certain amount of diffused W in the NiCo-based matrix. This phenomenon was explained by
Chuvil’deev et al. [30], who documented that introducing distortions to the tungsten lattice, which can
be performed by introducing energy via high sintering temperature and/or time, or via subsequent
plastic deformation, leads to formation of strong fields of internal stress, which decreases the activation
energy necessary for decoupling of tungsten atoms and supports their diffusion to the NiCo matrix.
These phenomena are behind the increase in microhardness for the 1500 ◦C/180 min sintered piece.
On the other hand, the 1525 ◦C/180 min sintered piece exhibited rapid decrease in microhardness when
compared to the 1500 ◦C/180 min one. This can be explained via softening processes occurring within
the matrix [17].

The subsequent quenching does not affect the structure character of the sintered pieces. However,
it has positive effects on the mechanical properties, testing of which revealed excellent plasticity
exceeding 20%, together with the ultimate tensile strength (UTS) of more than 1000 MPa for the
pieces sintered at 1525 and 1550 ◦C for 30 min and quenched. The fact that the UTS of the 1550 ◦C
sintered piece is slightly lower than of the 1525 ◦C one can be attributed to the occurring restoration
phenomena supported by the increased sintering temperature (further temperature increase from
1525 ◦C introduces similar effects as increasing the sintering time at 1525 ◦C) [17,28].

5. Conclusions

The study focused on the investigations of the effects of sintering temperature, sintering time, and
optional subsequent quenching in water on the structures and mechanical properties of a 93W6Ni1Co
tungsten heavy alloy. The results revealed the following:

- 30-min-sintering at temperatures below 1525 ◦C does not provide sufficient homogenization as
the structures feature more or less random locations with high W or NiCo concentrations, as well as
voids and gaps. The microhardness is also low for such samples;

- sintering at or above 1525 ◦C leads to formation of homogeneous structures featuring W
agglomerates surrounded by the NiCo matrix, which also increases the mechanical properties;

- sintering at 1500 ◦C for 30 min leads to inhomogeneous structure, but increasing the time
to at least 60 min results in comparable effects as increasing the sintering temperature, however,
increasing the sintering time provokes diffusion of W into the matrix which, on the other hand,
increases the microhardness;

- implementation of quenching results in excellent mechanical properties of the quenched pieces
sintered at/above 1525 ◦C—plasticity of almost 20% and strength of more than 1000 MPa.
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The optimized preparation regime providing the 93W6Ni1Co alloy with structure and properties
being the most favorable for subsequent processing is sintering at 1525 ◦C for 30 min and subsequent
quenching in water.
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Abstract: This study focuses on numerical prediction and experimental investigation of deformation
behaviour of a tungsten heavy alloy prepared via powder metallurgy and subsequent cold (20 ◦C)
and warm (900 ◦C) rotary swaging. Special emphasis was placed on the prediction of the effects
of the applied induction heating. As shown by the results, the predicted material behaviour was
in good correlation with the real experiment. The differences in the plastic flow during cold and
warm swaging imparted differences in structural development and the occurrence of residual stress.
Both the swaged pieces exhibited the presence of residual stress in the peripheries of W agglomerates.
However, the NiCO matrix of the warm-swaged piece also exhibited the presence of residual stress,
and it also featured regions with increased W content. Testing of mechanical properties revealed the
ultimate tensile strength of the swaged pieces to be approximately twice as high as of the sintered
piece (860 MPa compared to 1650 MPa and 1828 MPa after warm and cold swaging, respectively).

Keywords: tungsten heavy alloy; rotary swaging; finite element analysis; deformation behaviour;
residual stress

1. Introduction

For their exceptional mechanical (high strength) and physical (high density, melting point, etc.)
properties, tungsten heavy alloys (THAs) are primarily used to shield radiation or to block kinetic
energy [1,2]. Nevertheless, they can also be used advantageously for other demanding applications,
such as for production of therapeutic devices in oncology, for kinetic penetrators in the military,
or as aircraft counterbalances [3,4]. THAs are typically produced via powder metallurgy—they are
isostatically pressed and subsequently sintered at temperatures between 1000 and 1500 ◦C—from
powder mixtures containing a majority (over 90 wt.%) of tungsten, in addition to other alloying
elements featuring lower melting temperatures (e.g., Ni, Co, Fe), the boundaries of the grains of which
melt during sintering and ensure binding of the tungsten particles and elimination of porosity via
diffusion [5].

To enhance the strength of THAs, the tungsten content can be increased to 98 wt.%; however,
the increase in strength is typically at the expense of plasticity. Additions of alloying (i.e., binding)
elements generally decrease the strength, but increase plasticity. Contents of the alloying elements
(i.e., matrix) lower than 3 wt.% can cause brittleness of the final product [6]. On the other hand,
high contents of alloying elements contribute to inhomogeneity of the mechanical properties and
usually also to an uneven shape of the sintered piece cross-section due to gravity sedimentation during
sintering. Under optimized conditions, the matrix is homogenously distributed in the gaps between
the tungsten agglomerates [7].
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In addition to modification/optimization of their chemical composition, the mechanical properties
of THAs can also be enhanced by post-sintering deformation processing, which can advantageously
be performed via methods of severe plastic deformation [8–10]. Technologies applying intensive
plastic deformation have recently gained attention primarily due to their ability to effectively refine
the structural units and consequently enhance the mechanical and utility properties of the processed
materials. Severe plastic deformation (SPD) methods, such as equal channel angular pressing
(ECAP) [11–13], twist channel (multi) angular pressing (TCAP, TCMAP) [14,15], or high pressure
torsion (HPT) [16], have been proven to be very effective; however, they are discontinuous and are only
applicable for limited volumes of material. On the other hand, methods such as ECAP-conform [17,18],
accumulative roll bonding (ARB) [19,20], or rotary swaging (RS) [21,22] are continuous and can
favourably be used to manufacture relatively large (semi)products. Given its versatility, the RS
technology is applicable in various industrial branches.

Rotary swaging is an incremental process, i.e., it is characterized by gradual increments of the
imposed strain provided by high-frequency strokes of the swaging dies. The method can be applied
under cold, as well as warm and hot conditions and is used to process solid work pieces, but also
to produce hollow tubes and shaped axisymmetric products [23–25]. The processed materials are
typically conventionally cast alloys, such as magnesium [26] and aluminium alloys [27]. Nevertheless,
the favourable stress state and incremental character enables the method to advantageously be applied
also to process composites, the example of which can be mechanically bonded Cu/Al clad composites
for electrotechnic applications [28,29], powder-based materials, demanding compounds based on
zirconium [30], or tungsten heavy alloys [31].

The aim of this work was to investigate material behaviour of the studied WNiCo tungsten heavy
alloy during cold and warm rotary swaging, and the effects of the individual processing steps on its
structure and properties. To better characterize the influence of the used technology, especially the effect
of the applied pre-swaging induction heating, experimental investigations were supplemented with
finite element analyses. The predicted results were verified by real swaging experiments. Attention was
also given to characterization of residual stress within the structure.

2. Materials and Methods

2.1. Numerical Prediction

The first step of the performed study was the numerical prediction of the applied induction
heating process, which was performed via Finite Element Method (FEM) using FORGE (NxT version,
Transvalor, Sophia Antipolis, France) software. The used computational model was a model based
on the Maxwell’s equations available in the software. The prediction was implemented primarily
to optimize control of the heating process and determine the heating time necessary to achieve
homogeneous temperature distribution throughout the work piece cross-section before the warm rotary
swaging, i.e., to predict behaviour of the studied THA during induction heating. The investigated
work piece, as well as the used inductor, were modelled according to the experimentally used pieces
(Figure 1a).

The simulation was designed considering two main aims. Firstly, minimisation of the
computational time. For this reason, meshing was performed thoughtfully to ensure both reliable
results and reasonable computational time. The mesh of the work piece consisted of 2700 volume
tetrahedral elements, whereas the mesh of the inductor consisted of 21,314 nodes in total (Figure 1b).

The second aim was minimisation of the real heating time. For this reason, the simulation (and
the following experiment) involved two-step heating. The first step, defined with the current of
68 A and frequency of 16.5 kHz, was designed to provide the quickest possible achievement of the
swaging temperature of 900 ◦C, whereas the second step ensured homogenisation of the temperature
throughout the cross-section, i.e., minimised temperature gradient from the surface to the axis of
the work piece. Once the surface temperature of 900 ◦C had been reached, the second heating step,
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defined by a current of 50 A and a frequency of 15.8 kHz, began. However, possible development
of residual stress resulting from the variable heating rate and occurring temperature gradients was
also considered. The entire heating process was optimized for the maximum temperature of 900 ◦C
not to be exceeded by more than 20 ◦C. To ensure thorough evaluation and control of the process,
three locations at the axial longitudinal cut through the work piece, depicted as sensors 1, 2, and 3
(Figure 1c), were selected and monitored during the entire heating process.

Figure 1. Schematic depiction of setup of induction heating, meshed (a); inductor with mesh (b); axial
longitudinal cut through work piece with depicted monitored sensors 1, 2, and 3 (c).

The FORGE NxT software was also used to perform numerical prediction of deformation behaviour
of the investigated 93W6Ni1Co alloy. The conditions for the simulation were selected to correspond
to the real ones, and the entire simulation consisted of two simulation steps, corresponding to the
real two swaging passes on which were modelled. The assembly for the simulation consisted of four
swaging dies and the work piece, which was fed continuously towards the swaging head with the dies
(Figure 2). The dies were created as shells, while the work piece was designed as a full deformable
body with the mesh element size of 0.3 mm. Deformation behaviour of the material was characterized
via the Haensel-Spittel equation, presented as Equation (1),

σ = A exp(m1T)Tm9εm2 exp
(m4

ε

)
(1 + ε)m5T exp(m7ε)

.
ε

m3 .
ε

m8T, (1)

where
.
ε is the equivalent strain rate (s−1), ε is the equivalent strain (-), T is the temperature (◦C),

and A, m1, m2, m3, m4, m5, m7, m8, and m9 are regression coefficients, the values of which were
set based on regression analyses of plastometric test results (A1 = 1447.002738, m1 = −0.009, m2 =

0.0895, m3 = 0.0044, m4 = −0.0069, m5, m7, m8, and m9 were equal to 0). The dimensions of the test
specimens for the plastometric tests were 10 mm in diameter and 150 mm in length. Friction was
defined via the Coulomb law, μ = 0,1, and the specific parameters for the simulation were the following:
Poisson coefficient 0.3, specific heat 130 J·kg−1K−1, density 18.5 g·cm−3, and thermal conductivity (λ20

= 149.3 W·m−1K−1, λ900 = 85.7 W·m−1K−1).
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Figure 2. Schematic depiction of setup of rotary swaging.

2.2. Experimental Verification

The selected 93W6Ni1Co pseudo-alloy with the chemical composition of 92.6 wt.% W, 5 wt.%
Ni and 2.40 wt.% Co (determined by SEM-EDX analysis) was prepared from powders with the mean
grain size of 2.78 μm, containing ~<13 ppm of Fe, Mo, Cr, Al, Ca and other impurities. The process
involved mixing of powders, cold isostatic pressing at 400 MPa, and subsequent sintering at 1525 ◦C
for 20 min under a protective atmosphere followed by quenching in water. The protective atmosphere
is hydrogen during sintering and argon during cooling. This preparation procedure was performed at
ÚJP Praha a.s.

The sintered pieces were subsequently processed via rotary swaging, the initial temperatures for
which were 20 ◦C (cold swaging) and 900 ◦C (warm swaging). The swaging temperatures were selected
based on our previous experimental studies [3,31]. The room temperature was selected in order to
maximize the possible achievable strength and to investigate, whether the material would maintain
reasonable plasticity. The temperature of 900 ◦C was selected as the highest applicable temperature,
since our previous studies showed that processing at temperatures higher than 900 ◦C resulted in
massive oxidation causing rapid embrittlement during processing of the WNiCo. The temperature
control during induction heating was provided by optical pyrometer (surface temperature), and a
couple of thermocouples of type K (one on the surface, another in the work piece axial region).
The initial diameter of the sintered pieces was 30 mm, the length was 100 mm. Both were gradually
swaged down in two consequent reduction steps to the final diameter of 20 mm. Such swaged pieces
are suitable, e.g., for the fabrication of kinetic penetrators [26]. The following structural analyses
performed on cross-sectional cuts of the swaged pieces focused primarily on the influence of the applied
deformation temperature on (sub)structure development and residual stress. The observations were
performed via scanning electron microscopy (SEM EBSD analyses). The cut samples were mechanically
ground on SiC papers and subsequently polished using Eposil F substance (Saphir 520 device, ATM,
Germany). The EBSD analyses were performed in the sub-surface sample region, 1 mm from the outer
rim of the swaged-rod, with the scan step of 0.25 μm using a Tescan Lyra 3 equipment (TESCAN
Brno s.r.o, Brno, CZ) with a NordlysNano EBSD detector (Oxford Instruments, Abingdon-on-Thames,
UK). The scans were evaluated using the ATEX (Win10 version) software [32]. Residual stress was
characterized via analyses of internal grains misorientations in the scale from 0◦ to 15◦ (rainbow colour
distribution). TEM images were acquired on ion polished thin foils with a JEOL 2100F (JEOL, Akishima,
Tokio prefecture, Japan) device. The tensile tests were performed with the strain rate of 10−3 using a
Testometric M500-50CT testing machine (Testometric Co. Ltd., UK) on 150 mm long testing samples
with circular cross-sections.
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3. Results

3.1. FE Analyses

3.1.1. Induction Heating

As shown by the FEA results, induction heating imparted the development of zones featuring
various temperatures, similar to conventional heating in furnaces. As documented by Figure 3a,
depicting the temperature field throughout the work piece in the moment of achieving the surface
temperature of 900 ◦C (heating time 12 s), the difference between the temperatures in the surface and
axial work piece regions was up to 350 ◦C in this moment. Nevertheless, the temperature gradient
decreased rapidly as heating continued. The results showed that the heating time necessary to heat
the THA work piece to the required temperature of 900 ◦C with the maximum allowable deviation of
20 ◦C and, at the same time, to provide homogeneous temperature distribution throughout the entire
work piece, was 24 s (Figure 3b,c).

Figure 3. Temperature field during induction heating in time: 12 s (a); 24 s (b); distribution of
temperature in monitored sensors (c).

The temperature distribution depicted in Figure 3b shows that the temperature field across the
cross-section was not homogeneous along the work piece, especially during the second heating step.
This is also confirmed by Figure 3c, which shows the differences between the temperatures in the
individually monitored sensors. This phenomenon was a result of the geometry of the used inductor.
The temperature increase was the highest in the surface work piece region up to the heating time of
10 s; the heating rate was lower in the other two monitored locations during that time. The lowest
heating rate was monitored in the axial work piece area. The second heating step then imparted rather
unexpected material behaviour, the heating rate in the peripheral work piece area decreased, while the
other two monitored areas kept more or less the same heating rate. This behaviour finally introduced a
decrease in the temperature gradient, i.e., homogenisation of the temperature field throughout the
work piece cross-section, which is documented by Figure 3c.

3.1.2. Deformation Behaviour

The predicted developments of temperature in the surface and axial regions during processing of
both the work pieces, swaged at 20 ◦C and 900 ◦C, are depicted in Figure 4a,b, respectively. As shown in
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the Figures, the initial temperatures for both the swaged pieces were higher than the original swaging
temperatures due to the previous deformation history (first swaging pass).

Figure 4. Temperature developments in surface and axial regions of the cold-swaged piece (a) and the
warm-swaged piece (b).

As can be seen from Figure 4a, the temperature in the surface area increased gradually to almost
200 ◦C during cold swaging, whereas the temperature in the axial area remained more or less constant.
On the other hand, the warm-swaged piece exhibited a decrease in temperature during swaging;
the temperature decrease rate was comparable for both the surface and the axial areas (Figure 4b).
However, multiple affecting phenomena need to be considered for the surface areas of the swaged
pieces. The surface temperature increases due to the effect of friction with the rotating dies being in
contact with the surface. On the other hand, the dies are cooler than the swaged piece, which causes a
certain portion of the generated heat to dissipate via the swaging dies.

Figure 5a depicts the predicted developments of the imposed effective strain in the surface and
axial regions of both the swaged pieces. The comparison of both the curves for the cold-swaged piece
shows that the imposed strain was substantially higher in the surface region of the swaged piece, where
it reached a maximum value of almost 4. The figure also shows that the maximum effective strain in
the axial region of the cold-swaged piece reached to the value of 1.2. On the other hand, warm swaging
imparted an increase in the imposed effective strain, which reached and even slightly exceeded the
value of 2, approximately in the middle of the swaging pass. Mutual comparison of the effective strain
developments for both the swaged pieces reveals that the strain gradient from the surface towards the
swaged piece axis was substantially lower for the warm-swaged piece. Nevertheless, the maximum
imposed effective strain was comparable for both.

Figure 5. Developments of imposed effective strain in surface and axial regions of both swaged pieces
(a); effective strain across cross-section of warm-swaged piece (b).

The distribution of the effective strain across the cross-sectional cut through the warm-swaged
piece is depicted in Figure 5b. The figure shows that the imposed effective strain reached a value of 4
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at the very periphery of the swaged piece. The imposed strain then gradually decreased towards the
axial region where it reached the values of approximately 2.

Figure 6a,b depicts the material flow during swaging of the cold and warm swaged piece,
respectively. Given by the incremental nature of the swaging process and rotary movement of the
swaging dies, material flow during swaging is variable and quite complex. The material flow was
different for both the swaged pieces, and also changed its character during the individual swaging
pass. At the beginning of swaging, the axial material flow dominated for both the cold and warm
swaged pieces; however, the plastic flow vectors were flexed for both the pieces. With continued
swaging, the material flow changed its character, i.e., it rotated backwards in the neutral zone, due
to the effect of the already swaged deformation strengthened material volume. For the cold-swaged
piece, the neutral zone was located in the reduction zone (Figure 6a), while for the warm-swaged piece,
the position of the neutral zone shifted towards the feeding zone of the swaging dies (Figure 6b).

Figure 6. Vectors of material flow for the cold-swaged piece (a) and the warm-swaged piece (b).

The finally evaluated predicted parameters were stress-related ones, stress intensity during
swaging, and residual stress. Figure 7a,b depicts stress intensity via Von Mises stress throughout the
axial longitudinal cut for the cold and warm swaged piece, respectively. As can be seen in Figure 7a,
the stress intensity during cold-swaging increased to 750 MPa, while for the warm-swaged piece,
the maximum stress intensity reached approximately 350 MPa.

Figure 7. Stress intensity in axial longitudinal cut depicted via Von Mises stress for the cold-swaged
piece (a) and the warm-swaged piece (b).

Stress can be present in the material not only during the actual processing, but residual stress
can also be present after the material left the swaging dies’ reduction zone. Figure 8a,b depicts the
predicted distribution of residual stress across the cross-section of the cold and warm swaged piece,
respectively. Mutual comparison of the figures reveals similar distribution of residual stress within
both of the swaged pieces, its intensity corresponding to the intensity of the imposed effective strain
for both pieces. Deeper insight into the residual stress distribution was subsequently provided via
experimental analysis.
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Figure 8. Predicted residual stress intensity across cross-section of the cold-swaged piece (a) and the
warm-swaged piece (b).

3.2. Structure Analyses

Figure 9a–c shows the SEM-BSE scans of the tungsten pseudo-alloy after sintering, cold-swaging,
and warm-swaging, respectively. As can be seen, the sintered state exhibited individual round-shaped
W agglomerates surrounded by the NiCo matrix (Figure 9a). The structures after cold and warm
swaging (Figure 9b,c) exhibited visible differences in the shapes of the agglomerates. While the grains
of both the matrix and tungsten deformed significantly during cold swaging due to the substantial
imposed shear strain, the elevated temperature during warm swaging decreased the matrix flow
stress, which caused the softer matrix to preferentially consume the imposed strain. For this reason,
the tungsten agglomerates remained more or less of round shapes.

Figure 9. SEM-BSE structure scans for sintered state (a); cold-swaged piece (b); warm-swaged piece (c).

Figure 10a,b shows residual stress depicted via internal misorientations from 0◦ to 15◦ for the cold
and warm swaged pieces, respectively. For both pieces, the presence of residual stress was detected in
the peripheral regions of the tungsten agglomerates. This phenomenon can be attributed primarily to
substructure development and accumulations of dislocations, as proven by the further discussed TEM
structure characterisation.
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Figure 10. Integral grain misorientations for ChemEngineering-610706 cold-swaged piece (a) and the
warm-swaged piece (b).

As shown by the computational analyses of material flow, the increased temperature of 900 ◦C
imparted a more intense plastic flow, which imparts a higher probability of fixation of elastic strain
within the warm-swaged material. In other words, the warm-swaged piece (Figure 10b) exhibited
a higher volume of locations featuring high internal misorientations, i.e., internal stress, than the
cold-swaged piece (Figure 10a). As can be seen from Figure 9b, the misorientations occurred not only
at the peripheries of the agglomerates, but also within the more ductile NiCo matrix.

Figure 11a,b depicts TEM scans of the cold- and warm-swaged pieces, respectively. As can be seen,
the cold-swaged piece exhibited distinctive interfaces between the tungsten agglomerates (dark area)
and the NiCo matrix (light area). On the other hand, the warm-swaged piece exhibited diffusion of
tungsten to the NiCo matrix; the areas within the matrix with increased tungsten content can be seen in
the figure as “dark shadows” within the light matrix area. To confirm the presence of tungsten within
the matrix, a line scan measuring chemical composition through such a darker shadow within the
matrix was carried out. Figure 11c depicts the area in which the line scan was carried out (depicted by
the straight line). Figure 11d then shows the results of the line scan as regards the chemical composition
of the investigated area. As is evident, the size of the interface between the agglomerate and the matrix
after warm swaging and the content of tungsten within the matrix in the vicinity of the agglomerates
reached up to 50 wt.%.

Figure 11. Cont.
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Figure 11. TEM scan showing agglomerate/matrix interface for the cold-swaged piece (a) and the
warm-swaged piece (b); measured line scan area within the warm-swaged piece (c); and chemical
composition of investigated line scan (d).

3.3. Mechanical Properties

The mechanical properties of both the swaged pieces were evaluated via tensile tests; the ultimate
tensile strength (UTS) and elongation till failure for all the investigated pieces are summarized in
Table 1.

Table 1. Mechanical properties resulting from tensile tests.

Swaging Pass Swaging Temperature (◦C) UTS (MPa) Elongation (%)

0 - 857 ± 12 18.3 ± 3.5
1 20 1412 ± 21 9.2 ± 2.4
2 20 1828 ± 17 5.6 ± 1.3
1 900 1010 ± 19 23.4 ± 3.2
2 900 1650 ± 15 7.8 ± 1.5

As can be seen, the powder-based sintered material exhibited the lowest recorded UTS of
approximately 860 MPa; however, the elongation till failure reached up to ~20%. The highest strength
was recorded for the cold-swaged piece, which it exhibited a UTS of 1828 MPa after the second swaging
pass. The UTS after warm swaging increased too, but the UTS value was slightly lower than after cold
swaging (1650 MPa vs. 1828 MPa). The fact that the increase in UTS occurred at the expense of plasticity
for both the swaged pieces needs to be stressed. In other words, the decrease in plastic properties
after swaging was evident in both cases (especially with higher imposed strain). However, the more
favourable mutual combination of strength and plastic properties was achieved after warm swaging.

4. Discussion

The numerical simulations revealed certain differences in the material behaviours of both the work
pieces during swaging. For successful swaging of the cold-swaged piece, no preheating was necessary,
which makes the swaging process more effective from the viewpoint of processing time. On the other
hand, induction heating of the warm-swaged piece is considerably quicker when compared to heating
in a furnace and homogeneous heating of the work piece to the swaging temperature only took 24 s.
Nevertheless, certain temperature gradient between the surface and axial regions of the work piece
developed during heating. The gradient was primarily dependent on the heating time; it was most
significant at the beginning of heating and diminished by the time heating was finished.

Among the advantages of induction heating is also that it can favourably be placed directly in
front of the swaging machine, which, however, directly affects the material characteristics [33,34],
especially the complex material flow. Continuous heating keeps the unswagged work piece in front of
the swaging head at the swaging temperature of 900 ◦C, which introduces gradients in mechanical
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properties, especially flow stress, between the swaged and unswaged material volumes. As shown
by the predicted plastic flow vectors, gradients in temperature-related material properties influenced
significantly localization of the neutral zone, the plastic flow vectors in which changed their orientations.

Regardless the effect of induction heating, the predictions revealed temperature variations during
processing for both the swaged pieces. The cold-swaged piece exhibited gradually increasing difference
in temperatures in the surface and axial swaged piece regions (up to almost 200 ◦C). Such behaviour is
typical for cold swaging technology; the surface temperature of the swaged piece increases primarily due
to the effect of direct contact of the surface with the swaging dies, i.e., friction effect [35]. Nevertheless,
this effect is reduced by the heat transfer through the cold swaging dies. Warm swaging also introduced
a certain increase in temperature, primarily in the work piece surface region, where the maximum
temperature increased to 990 ◦C. In addition to the effect of friction, the temperature increase during
swaging can also be attributed to deformation heat generated by the influence of the imposed shear
strain [36].

The material characteristics during swaging are primarily influenced by the effect of the swaging
force, featuring two main components: tangential and axial [29]. Whereas the axial swaging force
component contributes to the gradual elongation of the swaged piece and provides the swaged product
with its final shape, the tangential swaging force component imparts intensive shear strain, resulting
in structure changes, introducing an increase in the actual processing temperature, imparting flexure
of the plastic flow vectors, but also imparting the gradient of the imposed effective strain from the
swaged piece surface region towards its axial region; the effective strain is the highest in the surface
swaged piece region, the effect of the rotating dies introducing shear strain, which is the most intense.
This phenomenon was evident especially for the cold-swaged piece, the flow stress for which was
aggravated. During warm swaging, the flow stress of the THA decreased, reducing the effective
strain gradient across the swaged piece cross-section, but also resulted in the higher total imposed
effective strain.

The flow stress, together with the differences in the plastic flows of both the swaged pieces,
also non-negligibly influenced the stress intensity, and consequently the load on the swaging machine.
The predicted stress intensity, pointing to the resistance of the swaged material against deformation,
was significantly higher for the cold-swaged piece. The predicted distribution of residual stress
was more or less comparable for the cold and warm swaged piece. Nevertheless, the experimental
observations showed micro-differences in the distribution of residual stress within the NiCo matrix.
The results showed that both the swaged pieces exhibited the presence of residual stress in the
peripheral areas of tungsten agglomerates. As proven by the transmission electron microscopy
analyses, this phenomenon could primarily be attributed to substructure development within the
agglomerates. However, the more intense plastic flow supported by the elevated swaging temperature
introduced the presence of residual stress, i.e., unrelaxed elastic deformation, within the matrix of the
warm-swaged piece. The primary reason for such behaviour lay in the intense plastic flow imparted
by the increased swaging temperature. The harder tungsten agglomerates featuring lower formability
acted as “transferring agents” of the imposed strain during swaging. During processing, mutual
distances between the individual agglomerates decrease, i.e., the volume of the ductile matrix between
the hard agglomerates gradually decreases, by the effect of which the interactions of the individual
agglomerates become more intense. Moreover, the occurring diffusion of tungsten to the NiCo matrix,
which intensifies with increasing processing temperature, should also be considered. By the effect of
this phenomenon, the matrix hardens, and residual stress develops, especially at the W/NiCo interfaces.
In other words, the matrix then involves locations featuring varying chemical compositions, imparting
local differences within the matrix, and consequently introducing strain gradients resulting in the
presence of residual stress.
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5. Conclusions

The study focused on the numerical prediction of the deformation behaviour of a 93W6Ni1Co
tungsten heavy alloy rotary swaged at 20 ◦C and 900 ◦C. The study was supplemented with numerical
investigations of the applied induction heating, and experimental observations of residual stress and
substructure development within the swaged pieces.

The predictions showed the overall time for heating of the THA to 900 ◦C to be 24 s. The induction
heating promoted shifting of the neutral zone the plastic flow vectors in which reverse primarily by
the effect of flow stress gradient between the swaged and unswagged materials.

Warm swaging at 900 ◦C imparted a more homogeneous distribution of the imposed strain.
However, for both the swaged pieces, the highest strain was observed in their surface regions,
which were directly affected by the swaging dies. This finding corresponded to the predicted
distribution of temperature throughout the swaged pieces; for both, the temperature increased in their
surface regions primarily due to the development of deformation heat.

Both the swaged pieces exhibited the presence of residual stress in the peripheral areas of
tungsten agglomerates, which could primarily be attributed to substructure development. However,
the supported plastic flow of the warm-swaged piece also introduced the presence of residual stress,
i.e., unrelaxed elastic deformation, within the warm-swaged piece matrix, and diffusion of W to the
NiCo matrix. The UTS was the highest for the cold-swaged piece (1828 MPa), and slightly lower for
the warm-swaged piece (1650 MPa); this phenomenon can primarily by attributed to the occurrence of
softening of the matrix.
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14. Kocich, R.; Kunčická, L.; Král, P.; Macháčková, A. Sub-structure and mechanical properties of twist channel
angular pressed aluminium. Mater. Charact. 2016, 119, 75–83. [CrossRef]
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Abstract: Due to their superb mechanical properties and high specific mass, tungsten heavy alloys
are used in demanding applications, such as kinetic penetrators, gyroscope rotors, or radiation
shielding. However, their structure, consisting of hard tungsten particles embedded in a soft matrix,
makes the deformation processing a challenging task. This study focused on the characterization
of deformation behavior during thermomechanical processing of a WNiCo tungsten heavy alloy
(THA) via the method of rotary swaging at various temperatures. Emphasis is given to microstrain
development and determination of the activated slip systems and dislocation density via neutron
diffraction. The analyses showed that the grains of the NiCo2W matrix refined significantly after
the deformation treatments. The microstrain was higher in the cold swaged sample (44.2 × 10−4).
Both the samples swaged at 20 ◦C and 900 ◦C exhibited the activation of edge dislocations with
<111> {110} or <110> {111} slip systems, and/or screw dislocations with <110> slip system in the
NiCo2W matrix. Dislocation densities were determined and the results were correlated with the final
mechanical properties of the swaged bars.

Keywords: tungsten; rotary swaging; neutron diffraction; dislocations; microstrain

1. Introduction

Given their excellent mechanical and physical properties, tungsten heavy alloys (THAs) are popular
for demanding applications in the military, radiation shields, and highly demanding components
such as aircraft counter-balances and gyroscope rotors. THAs usually consist of 90–97 wt.% of
tungsten plus other elements, such as Co, Ni, Fe, and Cu [1]. THAs are generally two-phase
composites consisting of spherical tungsten particles/agglomerates surrounded by a ductile matrix [2].
Nevertheless, the structure characteristics consequently impacting the performance of the final product
can non-negligibly be altered by even the slightest modifications to the processing technology. By this
reason, characterization of the occurring structural phenomena, such as the possible presence of
adiabatic shear bands (ASBs), determination of the presence of microstrain and residual stress,
and characterization of dislocations and active slip systems are of the utmost importance. The first
mentioned phenomenon has been investigated quite thoroughly [3–5], but detailed works characterizing
other structure phenomena during deformation processing of THAs are scarce [6,7].

Recently, several pieces of research have shown that imposing intensive shear strain into THAs
during their production enhances their utility properties and ballistic performance [8,9]. Effective
structure refinement can preferably be introduced via methods of severe plastic deformation (SPD),
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for example via the widely researched equal channel angular pressing (ECAP) and its modifications,
which have been proven to effectively refine the grain size down to several hundreds of nanometres for
various materials from aluminium to tungsten [10–16]. Nevertheless, the major drawback of prospective
industrial use of SPD methods is their limited applicability for bulk volume samples. For example,
the most effective high pressure torsion (HPT) method is only suitable to process coin-like samples [17].
By these reasons, THAs are mostly fabricated via various thermomechanical treatments and more
conventional technologies, such as hot extrusion [18,19], cold rolling [20], and swaging [21–23].

Rotary swaging (RS) is an intensive plastic deformation method advantageously used in the
industry to gradually reduce cross-sections and increase lengths of axisymmetric workpieces [24,25].
Given by its incremental character and dominant compressive stress state, the method can favourably
be used to process sintered materials [26]. The dominant shear strain mechanism enables elimination
of residual porosity and imparts significant structure refinement.

The primary aim of the presented study was to determine microstrain and characterize the
dislocations and active slip systems in the original sintered THA, as well as in the rotary swaged bars,
in order to characterize the effects of thermomechanical treatment on the microstructure and final
mechanical properties. Throughout the paper, the term “microstrain” denotes the root mean square of
the variations in the lattice parameters across the individual crystallites across microscopic distances
(root mean square strain, RMSS). In contrast, the term “macrostrain” (not reported here) refers to the
overall change in the lattice parameter caused, for example, by a residual stress distribution across the
whole component. Generally, microstrain can be caused by a distribution of crystal defects such as
vacancies, dislocations, stacking or twin faults.

Neutron powder diffraction method was used as the principal tool for the characterization of
structure and microstructure. The strength of neutron diffraction lies in the possibility to provide
information from the bulk of the sample, not only from its near-surface region. This fact is very
important, especially for THA, where the material is composed mainly of tungsten which is highly
absorbing other radiation (X-ray, electrons). When neutrons are used, the signal is averaged over a large
volume and the effects of local variability, large grain size and possible local artefacts are minimized.

2. Materials and Methods

The W-Ni-Co (93-6-1) wt.% (80.9-16.4-2.7 at.%) pseudo-alloy was produced by powder metallurgy.
The particle size of initial W, Ni and Co powders was in the range of 2–4 μm. The weighted
mixture of the powders was homogeneously mixed and then sintered at 1500 ◦C under H2 protective
atmosphere, and subsequently quenched in water. The as-sintered material, i.e., bars with approximately
12 × 18 mm2 elliptical cross sections, is denoted as W_0 throughout the following text.

The sintered bars were further processed by rotary swaging (RS) into circular swaged bars with a
diameter of 10 mm. RS was performed in two different ways: at room temperature (sample W_A) and
at 900 ◦C (sample W_B).

The neutron diffraction patterns for structure and microstrain determination were collected at
ambient temperature on the MEREDIT diffractometer of CANAM infrastructure at NPI Řež near
Prague [27]. A mosaic Cu monochromator (reflection 220) provided neutrons with a wavelength of
λ = 1.46 Å. A small (0.4%) λ/2 (0.73 Å) contamination of the incoming beam was present and was taken
into account during the analysis. The samples were fixed in the beam using a sample holder enabling a
sample rotation along the vertical axis to average the texture and large-grain influence on the diffracted
intensities within the diffraction plane. A neutron beam size was selected to submerge the sample
fully in the beam. The diffraction patterns were collected from 4 to 144◦ of 2θ (where θ is the scattering
angle) with a step size of 0.08◦ using a multi-detector bank (35 3He point counters with corresponding
10’ Soller collimators). In order to assess the grain size, an additional neutron diffraction measurement
was performed using the TKSN-400 diffractometer [28] equipped with a 2D position-sensitive detector.
This measurement was carried out with the neutron wavelength of λ = 1.21 Å.
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Further sample analyses were performed using scanning and transmission electron microscopy
(SEM and TEM) on ion-polished transversal samples taken from both the swaged pieces and from the
original sintered material. SEM-EBSD (electron backscatter diffraction) analyses were performed using
a TESCAN Lyra 3 device equipped with NordlysNano EBSD detector with the scan step of 0.1 μm.
The substructures and grains analyses were performed using ATEX [29] and Channel 5 software. TEM
images were acquired on ion-polished thin foils with a JEOL 2100F device.

The last step was characterization of mechanical properties via tensile tests performed to evaluate
the mechanical behavior of the sintered and swaged material states and to determine their ultimate
tensile strength (UTS) and maximum elongation. Tensile testing was performed with 100 mm long
bars and a strain rate of 1.3 × 10−3 s−1 using a Zwick device. By the reason that determination of elastic
properties on tungsten heavy alloys is complicated by tensile tests due to possible deflections of the
stress-strain curves, the elastic moduli were additionally determined via ultrasound measurements by
an Olympus 38DL Plus device which applies the Pulse Echo Overlap (PEO).

3. Results

3.1. Phase Identification and Grain Size

Prior to microstrain determination, phase identification was done using diffractograms measured
at neutron diffractometer MEREDIT [27] for all the samples. An example of the measured and calculated
neutron diffraction pattern for the sample W_B with recognized phases is shown in Figure 1. The other
two samples exhibited similar phase composition and the diffractograms are similar, although they
differ in details due to peak broadening, as will be discussed later in the text. The phase identification
and analysis in all the samples was performed by full-pattern refinement using FullProf software [30].

Θ

Figure 1. Measured and calculated neutron diffraction pattern for W_B sample used for phase
determination as well as for microstrain characterization. The Bragg positions for individual recognized
phases (from the top W-B2 and NiCo2W; it should be noted that also the peak positions for λ/2
contamination wavelength are shown) are below the intensity curve. The difference between the
measured and calculated intensity is shown as well.

Two phases were identified in all samples. The main phase is α-W (B2 structure; within the text,
it is referred to as W-B2 phase). The second phase with a weight fraction of 6%–7% has pure-Ni-like
structure (fcc) with the lattice parameter of about 3.60 Å. The lattice parameter of this Ni-like phase
is slightly larger than the one for pure nickel (3.55 Å), thus indicating alloying with larger W atoms
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(atomic radius of W, Ni and Co is 139, 124 and 125 pm, respectively). During the structural refinement,
it was assumed that the second phase consists of Ni and Co in the same ratio as the initial composition
(6:1) with a further addition of 2 at.% of W. This secondary phase is denoted NiCo2W in what follows.

It was found using data from 2D detector of TKSN-400 diffractometer [28] that the W_0 bar (i.e.,
the sample without rotary swaging forming) has a fine-grained microstructure for the W-B2 phase but
very raw-grained microstructure of the NiCo2W phase. The NiCo2W phase produces spots on the 2D
detector while the W grains of the W-B2 phase result in a smooth Debye–Scherrer diffraction conus,
as can be seen in Figure 2a. Taking into account the gauge volume of 0.13 cm3, detector characteristics,
and the geometrical arrangement of the experiment, the grain size of the NiCo2W phase in the W_0
sample can be estimated to be in the range 0.2–1 mm.

 
(a) 

 
(b) 

Figure 2. Part of the diffractogram taken with 2D detector at TKSN-400 diffractometer (in the angular
range 12.5–22◦). (a) W_0 sample: Left strip, W-B2 110 reflection; right spot, NiCo2W 111 large-grain
reflection; (b) W_B sample: The smooth strips of intensities from W-B2 110 (left) and NiCo2W 111
(right) reflections of fine-grained phases after rotary swaging.

The large-grain microstructure is refined by rotary swaging. W_A and W_B samples already
exhibit the fine-grained NiCo2W phase, as can be seen in Figure 2b, taken for the same angular range
as Figure 2a. The spotty pattern of the NiCo2W phase changed here to a smooth pattern of fine-grained
NiCo2W 111 reflection on the right side of the angular range while the character of the W-B2 110
reflection (on the left) remained unchanged after rotary swaging.

The finding of the large-grain microstructure of the NiCo2W phase in the W_0 sample bar stressed
the necessity to rotate the samples around the vertical axis in order to minimize the influence of the
large grains on the resulting diffractogram and consequently on the microstrain determination.

The results of neutron diffraction analyses were further supported via electron backscattering
observations. Figure 3a,b shows EBSD scans depicting the orientations of the NiCo2W grains in W_A
and W_B samples, respectively. The depicted colours in the unit triangle indicate the orientation of
the axis normal to the investigated sample surface in the crystal reference frame. With respect to the
W_0 sample (not shown here), the size of NiCo2W grains was significantly refined and substructure
developed. The average NiCo2W grain sizes were 1.35 μm for the W_A sample and 1.0 μm for the
W_B sample. Regarding the W-B2 grains, the original W powder agglomerated during sintering and
formed particles with the sizes of several dozens of micrometres, as can be seen in Figure 3 and as was
also reported previously [6].

It comes from the concurrent texture investigation by neutron scattering, which will be published
elsewhere, that there was no preferential orientation of the NiCo2W phase in the W_0 bar. On the
other hand, the NiCo2W phase was textured with <111> crystallographic directions preferentially
oriented along the sample bar axis after rotary swaging. The texture was significantly stronger for the
cold swaged sample W_A than for the warm swaged sample (W_B). There is a certain relationship
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between the texture and mechanical properties. Nevertheless, the relationship is not described here
purposely, as it will be a topic of a detailed study published in a future paper.

 
(a) 

 
(b) 

Figure 3. Electron backscatter diffraction (EBSD) scan of the surface perpendicular to the sample-bar
axis depicting NiCo2W phase for sample: (a) W_A; (b) W_B. The depicted colors in the unit triangle
indicate the orientation of the axis normal to the investigated sample surface in the crystal reference
frame. The gray areas are W-B2 agglomerates.

3.2. Data for Microstrain Determination

Figure 4a–c display the zoomed selected angular range of the measured and calculated
diffractograms for all three samples with indexed reflections for both W-B2 and NiCo2W phases.
In order to display the extent of sample peak broadening, Figure 4d additionally shows W_B sample
data together with a pattern calculated without any sample broadening effect.

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Θ Θ

Θ Θ

Figure 4. Detail of measured and calculated diffractograms showing the same indexed reflections from
both W-B2 and NiCo2W phases in (a) W_0, (b) W_A and (c) W_B samples. (d) Additional W_B sample
data together with theoretical simulation of a sample profile without any microstrain present in the
NiCo2W phase (i.e., only the instrumental broadening effect is present).
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By comparing the measured peaks (see Figure 4) of the W-B2 phase for the sample without
deformation and samples after the RS process, no significant changes are recognized. On the other
hand, NiCo2W reflections broadened significantly with respect to pure instrumental broadening
(see Figure 4d). This indicates an increase in microstrain and dislocation density in NiCo2W phase
while the W-B2 phase was not affected significantly.

The microstructural fit to the measured data is discussed in Section 4.

3.3. Electron Microscopy

Figure 5 shows a TEM scan of the W_A sample taken in a location near the NiCo2W/W-B2 interface.
The substantial presence of dislocations within the NiCo2W matrix was observed.

 
Figure 5. Transmission electron microscope image of W_A sample NiCo2W phase.

3.4. Material Properties

The stress-strain curves for W_0, W_A, and W_B samples are depicted in Figure 6. The sintered
W_0 sample exhibited the lowest UTS of approximately 860 MPa. On the other hand, the sample
featured a relatively high maximum elongation of more than 18%. As a result of the intensive imposed
shear strain, the strength increased substantially; however, plasticity (maximum elongation) decreased
after both swaging regimes. The total strengthening, i.e., UTS, was higher for the W_A sample, whereas
the W_B sample featured higher plasticity.

Figure 6. Experimental stress-strain curves for W_0, W_A, and W_B samples.

The physical properties measured via ultrasound are depicted in Table 1 (the average value from
5 independent measurements taken per sample).
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Table 1. Physical properties resulting from ultrasound measurements.

Sample Young’s Modulus (GPa) Shear Modulus (GPa) Poisson’s Ratio (-)

W_0 340 130 0.280
W_A 350 137 0.278
W_B 359 141 0.270

4. Data Analysis and Discussion

Detailed analysis of the measured neutron diffraction data was carried out with the intention to
determine microstrain, dislocation type and dislocation density. With the support of the data obtained by
other techniques, these microstructural parameters are related to the determined mechanical properties.

4.1. Microstrain Determination

First, a phenomenological approach was used to determine microstrain and the line integral
breaths of all the measured reflections. FullProf software [30] enables the fitting of a phenomenological
model of peak broadening caused by microstructural features, particularly microstrain and grain
size, provided that the instrumental broadening is known across the whole measured 2θ range.
The instrument profile dependency on scattering angle was obtained by measuring and fitting the
standard SiO2 powder sample in the identical instrument setup. The profile function parameters
were extracted and stored in the instrument resolution file and this file was used during structural
and microstructural full-pattern refinement. Then, the FullProf refinement results in the sample
contribution to the reflection broadening. This sample broadening of the diffraction peaks is reported
in the further text.

The reflection profiles of the tungsten grains (W-B2 phase) in the W_0 sample exhibited no sample
broadening. Therefore, no measurable microstrain is present for this phase in the sintered sample.
The small broadening of diffraction peaks in the W-B2 phase after rotary swaging was observed.
As the W-B2 phase grains were sufficiently large, no grain-size broadening was present. The sample
broadening of the W-B2 peaks was then satisfactorily fit using isotropic microstrain. The output was
the maximum (upper limit) strain e [31] which in fact represents the microstrain as it is connected
with the root mean square strain (RMSS, 〈ε2

0〉1/2) through a constant scaling factor, 〈ε2
0〉1/2 =

√
2/πe.

The determined W-B2 phase upper limit strain for the W_A and W_B samples was eW_A = 12.4 × 10−4

and eW_B = 10.8 × 10−4, respectively. It can be seen that there is slightly higher microstrain in the W_A
sample than in the W_B sample.

In the case of the NiCo2W phase, peak broadening was already present in the W_0 sample. After
rotary swaging, the sample broadening effect still significantly increased. Although RS procedure
refined the NiCo2W grains, they still remained sufficiently large in the measured samples (see Figure 3).
The grain-size broadening was thus not expected. As the reflections from (200) family were visibly
more broadened, the anisotropic strain broadening using Stephens formalism [32,33] was used to
determine the microstrain contribution. The fit was successfully carried out assuming only microstrain
broadening (i.e., no size broadening). Gaussian profile, as usually done for microstrain broadening,
was used to satisfactorily describe the sample broadening effect.

The outputs from the refinement using the anisotropic strain broadening are values of integral
breadth for the individual reflections of the NiCo2W phase in reciprocal space, β* = (β cosθ)/λ, where β

is the integral breath in 2θ scale, and also microstrain values for the measured diffraction peaks of
the NiCo2W phase in all three samples. The sample integral breadth β* of each NiCo2W reflection is
plotted as a function of reciprocal lattice spacing of the particular reflection d* in Figure 7 (classical
Williamson-Hall plot [31]), for W_0 and W_B samples.
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Figure 7. Williamson-Hall plot of integral breadths in reciprocal space for W_0 and W_B samples
shown with linear fits through the points.

When considering only the strain broadening component as mentioned above, the upper limit
strain e is connected with the integral breath by the formula β* = 2 ed*, i.e., its average value can be
calculated from the slope of the linear dependence of β* on d* [31]. The linear fits through the points are
shown in Figure 7. The determined average sample microstrain for the individual W_0, W_A, and W_B
samples is then eNiCo_0 = 14.2 × 10−4, eNiCo_A = 44.2 × 10−4 and eNiCo_B = 41.2 × 10−4, respectively.

It can be seen that the microstrain in NiCo2W phase very significantly (approximately 3 times)
increased after rotary swaging. Further, there is a slightly higher NiCo2W-phase microstrain in the
W_A sample than in the W_B sample. Most probably, swaging at the temperature of 900 ◦C (W_B
sample) enabled a partial dynamic recrystallization of NiCo2W phase.

The anisotropic character of the NiCo2W phase integral breadths, visible in the Williamson-Hall
plot (Figure 7), indicates that microstrain is caused by dislocations. Further, the substantial presence
of dislocations in the NiCo2W matrix was confirmed by TEM observations (Figure 5). Therefore,
the data (i.e., acquired integral breaths for the NiCo2W phase individual reflections) were further
analyzed in order to determine the active slip systems and to estimate the dislocation density after the
thermomechanical processing.

4.2. Dislocation and Slip System Type

The fact that dislocation line broadening is usually anisotropic, i.e., depends on hkl reflection, is
well known (see [34] and references therein). It is given by the anisotropic characters of the displacement
fields of dislocations (line defects), which, moreover, are different for different types of dislocations
and slip systems. Then, the anisotropy analysis can be in principle used to characterize the particular
types of occurring dislocations and activated slip system [35]. Therefore, we tested this possibility also
in the NiCo2W phase for the sintered and rotary swaged samples.

The anisotropy is characterized by the dislocation average contrast factors Cα−hkl, which can be
calculated with help of the ANIZC program [36] for various types of dislocations of given characters
and slip system α and for all the measured hkl reflections. The calculations (i.e., determination of
the average contrast factor for the possible types of dislocations) were performed for the measured
NiCo2W reflections. To perform the calculations, elastic constants of the material were needed [37].
In order to use as precise values of the elastic constants for the NiCo2W solid solution as possible,
the assumption of a linear combination of the individual elastic constants of the original constituents,
i.e., Ni and Co, present in the ratio of 6:1, was made. The considered values found in the literature were
the following: nickel [38]—C11 = 256.5 GPa, C12 = 151.5 GPa, C44 = 123.9 GPa; β-cobalt (fcc) [39]—C11
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= 239.8 GPa, C12 = 163.4 GPa, C44 = 133.4 GPa. Their linear combinations used to estimate the elastic
constants of the alloy were then: C11 = 246.9 GPa, C12 = 156.1 GPa, C44 = 125.5 GPa.

After calculation of the average contrast factors Cαhkl, a modified Williamson-Hall plot [37], i.e.,
the dependence of β* on d*C1/2, can be drawn. The results for the W_0, W_A, and W_B samples are
depicted in Figure 8a–o. As can be seen, the best result (concerning fitting the linear dependence) for the
W_0 sample was acquired for screw dislocations and <111> slip system (Figure 8e; the corresponding
modified Williamson-Hall plot is marked by a red frame). All the other tested dislocation types and
slip systems were far worse.

On the other hand, the slip system of <111> {110} edge dislocations fits the best to the measured
integral breadths of W_A and W_B samples (Figure 8g,l, respectively, marked by a red frame).
Nevertheless, the edge dislocations with <110> {111} slip system (Figure 8f,k), as well as the screw
dislocations with <110> slip system (Figure 8i,n), exhibited very good linear fits for the rotary swaged
samples, too. The two remaining tested dislocation types and slip systems (screw dislocations and
<111> slip system, and edge dislocations with <111> {211} slip system) did not exhibit a sufficiently
good fit for any of the investigated samples.

Obviously, certain microstrain was present within the structure of the NiCo2W phase already after
sintering and subsequent cooling. The dislocations produced during the sintering/quenching process
were predominantly of a screw type with <111> slip system. After rotary swaging (W_A and W_B
samples), the microstrain increased significantly (~3 times) and the deformation mechanism changed
either to edge dislocations with <111> {110} or <110> {111} slip system (the latter occurs typically in
fcc structures [40]), or to screw dislocations with <110> slip system.

 
(a) 

 
(f) 

 
(k) 

 
(b) 

 
(g) 

 
(l) 

Figure 8. Cont.
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(c) 

 
(h) 

 
(m) 

 
(d) 

 
(i) 

 
(n) 

 
(e) 

 
(j) 

 
(o) 

Figure 8. Modified Williamson-Hall plots considering various dislocation types and slip systems for
samples: (a–e) W_0; (f–j) W_A; and (k–o) W_B. The red color framed plots represent the best-fitting
model, the orange ones represent sufficiently good fits. These dislocation types and slip systems are
considered as the most probable for the NiCo2W phase of the pseudoalloy and are used for a further
evaluation (see text).

Figure 9a then summarizes the modified Williamson-Hall plots of integral breadths for the best
fitting slip systems for W_0, W_A, and W_B samples (edge dislocations with <111> {110} slip system for
W_A and W_B samples). It should be stressed that the quality of fitting for the edge dislocations with
<110> {111} slip system and screw dislocations with <110> slip system was almost equal (see Figure 8).
A combination of edge dislocation with screw dislocation system was tested as well for W_A and W_B
samples. The result for the combination of edge dislocations with <110> {111} slip system and screw
dislocations with <110> slip system (the ratio of influence on integral breadth was assumed to be
50%:50%) is shown in Figure 9b. A very similarly good result (not shown here) was obtained for the
50%:50% combination of the edge dislocation with <1,1,1> {1,1,0} slip system and the screw dislocation
with <1,1,0> slip system.
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(a) (b) 

Figure 9. Summarized modified Williamson-Hall plots of integral breadths for W_0, W_A, and W_B
samples shown with linear fits through the points: the edge dislocation with <1,1,1> {1,1,0} slip system
for W_A and W_B samples (a); 50%:50% combination of edge dislocations with <110> {111} slip system
and screw dislocations with <110> slip system (b).

4.3. Dislocation Density

Information on dislocation types, slip systems and also on dislocation densities may be very
useful for modelling the material behavior using crystal plasticity [41]. Based on the results of line
broadening of the NiCo2W phase, dislocation densities ρ can in principle be estimated using various
numerical procedures [34,35,42–46].

Powder diffraction techniques, in general, have limited accuracy in determining dislocation
densities. Precise descriptions of the instrument profile function and the size of the instrumental
broadening are essential for this purpose. However, even for precisely determined instrument
parameters, another important aspect is the source intensity and the peak-to-background ratio,
which are usually limiting in the case of neutron diffraction. Thus, only a rather limited accuracy on the
absolute scale of the estimated dislocation densities can be achieved using the above-mentioned analysis
of the neutron diffraction line broadening for the NiCo2W phase. Nevertheless, such information has
an important indicative value when comparing relatively the obtained dislocation densities for the
individual samples.

For the estimation of the density, we used one of the approaches presented in [35]. The integral
breath of each reflection can be approximated by,

β∗hkl =
2
√

2 (ln P)
3
2

4 ln P− ln(ln P)
d∗hklC

1
2
hkl b ρ

1
2 (1)

where b is Burgers vector, and factor P is related to the correlation in the dislocation arrangement.
Assuming that the dislocation correlation factor P [35] can be reasonably estimated, dislocation

density ρ can be determined based on Equation (1). Due to the moderate resolution of the diffraction
data, P could not be determined directly from the diffraction profile analysis. For further calculations,
the value 10 for the P factor was used which is a reasonable value for Gaussian profiles [35] employed
in our analysis of the strain broadening. The estimated error in absolute value for ρ was −20% (in this
case, P would be equal to 15) and +50% (in this case, P would be equal to 5).

Considering the above-mentioned assumptions, the dislocation densities for the most favorable
slip system in NiCo2W for all the investigated samples were calculated and they are listed below:

W_0: 1.7 × 1011 cm/cm3 (screw dislocations with <111> slip system);
W_A: 8.7 × 1011 cm/cm3 (either edge dislocations with <110> {111} slip system or <110> screw
dislocations);
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W_B: 7.6 × 1011 cm/cm3 (either edge dislocations with <110> {111} slip system or <110> screw
dislocations).

As explained above, absolute values of dislocation densities are burdened by a large error.
Nevertheless, a relative comparison of the obtained values of dislocation densities between the
individual samples brings significantly more precise information as the relative error of the dislocation
density values is expected to be similar for all the samples. Then, it can be seen that the dislocation
densities increased approximately 5 times after rotary swaging, and that the dislocation density is 15%
higher for the sample swaged at room temperature than for the sample deformed at 900 ◦C.

4.4. Mechanical Properties

The measured stress-strain curves (Figure 6) are in accord with the results of the microstructural
study. Relatively low UTS and high maximum elongation for the sintered W_0 sample correspond to
the coarse grain size of the NiCo2W phase, which, together with the low dislocation density, did not
ensure sufficient strengthening.

The plasticity (maximum elongation) decreased after both swaging regimes. Nevertheless,
the intensive imposed shear strain imparted significant accumulation of dislocations in the NiCo2W
phase and the strength of the material increased substantially. The accumulated dislocations after RS
provide hardening to the NiCo2W phase and thus enable effective transfer of the imposed strain to the
W-B2 phase. Although the imposed deformation is predominantly accumulated in the NiCo2W phase,
it does not mean that the W-grains are not strained at all. Tungsten grains deformation was already
observed in the past [19,20,47]. Also in this study, a small level of microstrain within the W-B2 phase
in the rotary swaged samples was detected (see Section 4.1).

The W_A sample, featuring the highest dislocation density and notable presence of microstrain in
the NiCo2W phase, exhibited higher total strengthening (i.e., UTS), whereas the W_B sample featured
higher plasticity. Mutual comparison of the stress-strain curves for the W_A and W_B samples also
revealed a more gradual strengthening (i.e., smoother curve shape) of the W_B sample. Swaging
at the temperature of 900 ◦C enabled the NiCo2W phase to dynamically recrystallize, which was
documented by the very small average grain size of 1.0 μm (Section 3.1) and decreased microstrain
values (Section 3.2), and provided it with the ability to consume a greater amount of the imposed energy.
This finding is in accordance with the results documented by Katavič et al. [48] who reported the
hardening rate of the matrix during intensive shear deformation of tungsten pseudoalloys to be more
than two times higher than the hardening rate of W particles up to approximately 15% deformation.

5. Conclusions

This study focused on characterization of the effects of rotary swaging at various temperatures on
a WNiCo tungsten heavy alloy via determination of microstrain and characterization of dislocation
types and activated slip systems.

The results showed that the original sintered sample consisted of fine-grained spherical W-B2
type agglomerates surrounded by a coarse-grained NiCo2W matrix. The W-B2 agglomerates did not
feature any significant microstrain. However, the NiCo2W matrix exhibited microstrain (magnitude
14.2 × 10−4) resulting mainly from the presence of screw dislocations with <111> slip system.

Both cold and warm rotary swaging then imparted grains fragmentation for the NiCo2W matrix
and resulted in formation of fine-grained structures within the NiCo2W phase. From results presented
elsewhere [49,50], it is also clear that the W-B2 phase is refined by rotary swaging. Further, neutron
diffraction revealed that the microstrain increased three times in the NiCo2W phase (44.2 × 10−4

and 41.2 × 10−4 for W_A and W_B samples, respectively). On the other hand, a rather low level of
microstrain was detected in the tungsten W-B2 phase of the composite after the rotary swaging.

The measured mechanical parameters correspond to the results of the microstructural
characterization. The swaged samples exhibited substantial strengthening which was primarily
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caused by the increase in dislocation density (~5× for the 900 ◦C sample, and even approximately 10%
more for the cold swaged one) in the NiCo2W phase. The 20 ◦C swaged bar featured the ultimate
tensile strength of almost 1900 MPa. It can be concluded from the neutron diffraction that the dominant
deformation mechanisms for both the 20 ◦C and 900 ◦C rotary swaged samples were edge dislocations
with <111> {110} or <110> {111} slip system, or screw dislocations with <1,1,0> slip system in NiCo2W
phase. A combination of the above-mentioned systems is most probable for the NiCo2W phase as
these combinations lead to the best modified Williamson-Hall plot.
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Abstract: The fatigue properties of thermo-mechanically treated and machined aluminum alloy
7475-T7351 have been studied. The applied advanced machining strategy induced intensive plastic
deformation on the machined surface under defined cutting conditions. Therefore, a detailed study
of 3D surface topography was performed. Advanced characterization of the material structure and
electron back scattered diffraction mapping of selected chemical phases were performed, as well as
energy dispersive X-ray analysis of the surface. Advanced mechanical properties of the material were
investigated in situ with a scanning electron microscope that was equipped with a unique tensile
fixture. The fatigue results confirmed an evident dispersion of the data, but the mechanism of crack
nucleation was established. Fracture surface analysis showed that the cracks nucleated at the brittle
secondary particles dispersed in the material matrix. The surface topography of samples that had
been machined in wide range of cutting/deformation conditions by milling has not proved to be a
decisive factor in terms of the fatigue behavior. The incoherent interface and decohesion between the
alumina matrix and the brittle secondary phases proved to significantly affect the ultimate strength of
the material. Tool engagement also affected the fatigue resistance of the material.

Keywords: crack nucleation; fatigue; plastic deformation; surface topography

1. Introduction

Aluminum and its alloys are used in a wide range of industrial applications. Duralumins,
are employed in the aerospace industry. Due to an ideal combination of low density, high strength,
good corrosion resistance, and high resistance to fatigue crack propagation, these special alloys take
precedence over other structural materials [1]. Aluminum alloys of the 2000 and 7000 series are widely
used for primary and secondary aircraft structures, such as frames, spares, and ribs, where any damage
has a crucial impact on safety.

The high strength Al-Zn-Mg-Cu 7475 is an alloy with controlled toughness made in the form of
sheets and plates, that has an ideal combination of high strength, good fracture toughness, and resistance
to fatigue crack propagation. The 7475 alloy has almost 40% greater fracture toughness than the
previous version, 7075 [2]. This progress in mechanical properties is a result of the reduction of the
content of iron, silicon, and magnesium, and application of thermo-mechanical and heat treatments
which achieve a refined grain size [3]. The 7475 alloy, in the form of plates, is usually available in
different tempered conditions such as T651, T7351, and T7651 [4]. However, among modifying the
chemical composition of the alloys, the mechanical properties of Al-based alloys can also be enhanced
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via severe plastic deformation (SPD) methods, including high pressure torsion (HPT) [5], equal channel
angular pressing (ECAP) and its modifications [6–8], or rotary swaging (RS) [9].

As the significant portion of components made of alloy 7475-T7351 are processed by different
machining strategies, it is difficult to determine the mechanisms of the severe plastic deformation
imposed by the each machining process.

The machining process is generally characterized by chip formation as the direct result of the force
interactions between the tool and the workpiece. To achieve chip separation, the stress applied between
the tool and the workpiece in the chip formation zone must exceed the ultimate strength of the workpiece
material. This force interaction is highly dependent on the studied material, the geometry and material
of the tool, the cutting environment, and on the defined cutting conditions. However, during chip
formation, three zones of plastic deformation can be always observed: (1) a primary deformation
zone in front of the cutting tool edge with extreme shear deformation (γ = 2–5) and deformation rates
(103–108 s−1), (2) a secondary deformation zone between the chip and the tool rake face, and (3) a
tertiary deformation zone between the machined surface and the tool flank face. In the zone of primary
plastic deformation, the chip reaches a high temperature over its entire cross-section (in some cases
near to the melting point). As a result of this elevated temperature, the metallurgical and mechanical
properties change, the chip softens, the frictional force and the cutting resistance between tool and
workpiece decreases, the shear plane angle increases, the chip cross section becomes thinner, and the
chip speed increases. In the zone of tertiary plastic deformation, the cutting edge of the tool initiates a
stress concentration at the contact zone between the tool and the workpiece [10–12]. The machined
surface layer is subjected to elastic and plastic deformation at a temperature lower than the temperature
of recrystallization. Therefore, material is not melted and any material texture change is permanent
and the surface layer is hardened. The imposed force interaction and the thermal load result in
residual stress concentration at different depths of the surface layer. These residual stresses can be
compressive, increasing the fatigue limit, or tensile, reducing the fatigue limit [13]; they can also alter
other mechanical and utility properties [14,15].

As it is well known that nuclei of fatigue cracks are mostly observed on the free surface of the
loaded component, all previously described factors have to be taken into consideration while choosing an
appropriate machining strategy and machining conditions. Initiation of fatigue cracks on the machined
surface is usually closely associated with the combination of severe plastic deformation and the presence
of material inclusions or severe plastic deformation and significantly deteriorated surface topography [16].

Ojolo at al. [17] presented results of the four-point bending fatigue testing of a end-milled specimen
of alloy 2024. The important fatigue life increase (from 2.67 × 103 to 3.6 × 103 cycles to failure) was
observed for samples machined with use of higher cutting speeds (from 3.77 m/min to 48.25 m/min).
A decrease of the surface roughness was observed with an increase of the cutting speed, which may be
the result of the thermal softening effect due to accumulated heat which caused a temperature rise in
the machining zone. The feed speed was described as the most influential factor affecting the fatigue
life. The increase of fatigue life was observed with a decrease of the feed speed (from 60 mm/min
to 7 mm/min). Surface topography, on the other hand, deteriorated with increase of the feed speed.
Ojolo therefore supposed that while using higher feed speeds, the teeth of the end-mill cutter do not
perform perfect swiping of the entire surface of the machined zone to make a perfectly smooth surface.
It was also observed that an increase in rake angle from 30◦ to 45◦ resulted in a better surface finish
and increased the fatigue life of the specimens (from 2.53 × 103 to 3.49 × 103 cycles to failure).

Many other studies have been devoted to determining the effect of machining strategies on the
fatigue life. Some have demonstrated the influence of the surface topography. The effect of machining
and surface integrity on the fatigue life has been summarized by Novovic et al. [18]. They reported that
a large dispersion of results has been found in the literature; however, fatigue life increase was mostly
observed with decreasing surface roughness. Koster [19] found that for a roughness parameter (Ra)
between 2.5 and 5 μm, the residual stress imposed by the machining process is the most important factor
affecting the fatigue life of structural alloys. Koster [19] also reported that this effect was suppressed
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by elevated temperature, which allowed relaxation of imposed residual stresses. However, a study of
progressive milling technology on the surface topography and fatigue life of aluminum alloy 7475 of
Piska et al. [20] showed that in the case of the presence of material inclusions or secondary phases larger
than standard topography parameters (such as average roughness of the profile, maximum depth of the
valley of the roughness profile, and others), the effect of the surface topography is usually suppressed.

Regarding ever-increasing safety requirements, it is necessary to carefully analyze the effect of the
surface quality, including material structure and surface topography together with residual stresses
and severe plastic deformation, imposed by the machining process before releasing components
into operation.

This study is, therefore, focused on the influence of the different cutting conditions and tool
inclination of the face milling strategy applied on the bottom wing panel made of alloy 7475-T7351
with regard to its fatigue life during operational use. The main goal of this study is therefore to define
the milling condition range that allows maintaining the optimum balance between the productivity of
the production process, the quality of machined surface, and the required fatigue properties.

2. Experimental Materials and Methods

2.1. Material

The aluminum alloy 7475-T7351 in the form of 70 mm thick plates was used in this study.
The heat treatment with designation T7351 denotes solution heat treatment at 470 ◦C, water quenching,
controlled stretching, and artificial ageing (over-aged in two stages: first at 121 ◦C for 25 h, second at
163 ◦C for a period of 24–30 h). The average chemical composition of the alloy is presented in Table 1
and its basic mechanical properties are shown in Table 2.

Table 1. Chemical composition of the 7475-T7351 alloy (in wt.%) [4].

Si Fe Cu Mn Mg Cr Zn Ti Other, Each Al

0.10 max 0.12 max 1.20–1.90 0.06 max 1.90–2.60 0.18–0.25 5.20–6.20 0.06 max <0.05 Balance

Table 2. Mechanical properties of the 7475-T7351 alloy [4].

Thickness of the Blank Sheet (mm) 25–38 50–63 75–89

Tensile strength (MPa) 490 476 448
Yield strength (MPa] 414 393 365

Elongation (%] 9 8 8

The electron back scattered diffraction mapping (EBSD) study showed a heavily deformed
structure with high anisotropy and texture of the grains (and very fine subgrains), as shown in Figure 1.

 
(a) 

 
(b) 

Figure 1. Structure of aluminum alloy 7475-T7351 determined by electron back scattered diffraction
mapping (EBSD): (a) Longitudinal direction; (b) Transversal direction.
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During STEM (Scanning Transmission Electron Microscopy) lamella analysis, three different
secondary phases have been observed in the material matrix, as indicated in Figure 2.
Coarse intermetallic particles Al-Cu-Fe (possibly Al7Cu2Fe) [21,22] and Al-Cr-Fe-Cu-Si in the range
from 2 μm up to 20 μm were formed during solidification phase. Precipitated Al-Fe-Si and Al-Mg-Cr
dispersoids (possibly Al12Fe3Si; Al12Mg2Cr) were formed by solid state precipitation in the grain
boundaries. Third, observed secondary phases can be described as fine metastable precipitates in the
material matrix (sizes from 2 nm up to 0.6 μm) and these are responsible for strengthening of the alloy
(via GP, ή or η) [22,23].

 
Figure 2. STEM lamella of aluminum alloy 7475-T7351—occurrence of secondary phases.

Energy dispersive X-ray spectroscopy (EDX) was used for elemental analysis of the large
intermetallic particles, as shown in Figure 3.

Figure 3. EDX of a selected intermetallic particle in alloy 7475-T7351.
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2.2. Tool Geometry

The end-milling whole carbide tool �16×55-115 mm JHF 980 Special provided by SECO Tools
company, with (Ti, Al)N coating was used for advanced high feed face milling of the specimens.
To exclude any potential impact of inaccurate tool geometry, optical 3D tool geometry analysis was
performed using a special software subprogram of the ALICONA-IF G5 optical microscope called
“Alicona Edge Master”. The principle of this analysis was a gradual positioning of the reference plane
perpendicular to the cutting edges of the tool. The measured results of the intersection of the reference
plane with the cutting edges were statistically processed to obtain final results of the mean radius of
the mean cutting edges and information about the mean cutting angles.

2.3. Surface Topography Analysis

Complex measurement of the surface topography was performed on a set of samples machined
by different cutting parameters of face milling, as presented in Table 3, with the tool positioned
perpendicular to the machined surface. Measurement of the surface topography for a set of samples
with tool inclination of 1◦was also performed. The high-resolution optical microscope ALICONA IF-G5
was used for analysis of roughness parameters (“R”), waviness parameters (“W”), Firestone–Abbott
parameters, and other advanced 3D surface texture parameters (“S“). The measurement methodology
was based on the combination of the small depth of focus of the optical system with vertical scanning.
In order to perform complex detection of the surface, the high-precision optics moved vertically along
the optical axis and continuously captured data from the surface. A corresponding algorithm converted
the acquired sensor data into 3D information and true colour images with full depth of field [24].
Nonmeasured points in the datasets were not taken into consideration for further processing or for
calculation of corresponding parameters due their low ratio (flat surfaces of samples, good fits of data
with the Gaussian distribution, very low occurrence of nonmeasured points in the whole dataset).
The measurement methodology was in accordance with the standard EN ISO 25178-606 [25].

Table 3. Combinations of cutting parameters of high feed face milling.

ap = 1.50 mm; ae = 8.00 mm Feed per tooth, fz (mm)

Cutting speed, vc
(m.min−1)

- 0.05 0.50 0.90
90 Combination 1 Combination 2 Combination 3

200 Combination 4 Combination 5 Combination 6
- 400 Combination 7 N/A N/A

ap— axial depth of cut, ae — radial depth of cut, fz — feed per tooth

2.4. Force Loading Analysis of High Feed Face Milling and Induced Severe Plastic Deformation

Cutting experiments for various cutting speeds and cutting feeds were carried out with a five-axis
milling center MCV 1210/Sinumerik 840D. A stationary KISTLER 957B/SW dynamometer was used for
measurement of the force loading during high feed face milling for the different cutting conditions,
as presented in Table 4. The results have been analyzed with DynoWare software (type 2825A,
Kistler, Wintherthur, Switzerland), where mean values of the maximal instantaneous force loading
in the X, Y, and Z directions were used for graphical determination of the resultant force F1M and its
vector decomposition to the cutting force FC and the force perpendicular FCN. The cutting force and
non-deformed chip cross section AD was used for calculation of the specific cutting energy kc for a
given material characterized by the constants co, the axial depth of cut ap, the radial with of cut ae,
a angular tooth engagement φ and the effect of chip thickness on specific force loading expressed with
the parameter mc:

kc =
Fc

AD
=

(
co

ap × ae

)
×
∫ ϕ2

ϕ1
sin1−mcϕ× dϕ (1)
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Table 4. Set of specimens used for force loading analysis.

ap = 1.50 mm; ae = 8.00 mm Feed per tooth, (fz mm)

Cutting
Speed, vc
(m.min−1)

- 0.05 0.25 0.50 0.75 0.90
90 Combination 1 Combination 2 Combination 3 Combination 4 Combination 5
200 Combination 6 Combination 7 Combination 8 Combination 9 Combination 10
300 Combination 11 Combination 12 Combination 13 Combination 14 Combination 15
400 Combination 16 Combination 17 Combination 18 Combination 19 Combination 20

The basic model of continuous chip formation and the individual parameters for shear deformation
and rate of the deformation can be seen in Figure 4.

 

Figure 4. Analysis of the chip formation model when cutting: (a) Continuous chip; (b) Position of the
measured lamella; (c) The shear deformation of the lamella; (d) Geometry of the cutting tool; (e) Model
of the shear deformation in the primary zone; (f) Speed vector diagram.

The plastic flow of the material is defined with the condition of a constant volume of machined
material V passing through the first deformation zone and converted to the chip:

Div × V = 0 (2)

V = AD.× vc = ADc × vch (3)

where AD is the cross section of the undeformed material entering with cutting speed vc and ADC is the
cross section of the material converted to a chip, leaving with speed of chip vch. The other variables
can be understood according to Figure 4a–f.

The angle of the shear plane ϕ is defined as

φ = arctg
sinδo

Λ − cos δo
(4)

where the orthogonal cutting angle δo is sum of the orthogonal flank angle and orthogonal cutting
edge angle βo, i.e., δo = αo + βo, and Λ means the chip thickness coefficient, which is expressed as

Λ =
hDC
hD

(5)
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The shear deformation γ in the primary zone can be derived as function of shear angle ϕ and
orthogonal rake angle γo

γ =
cosγo

sinφcos(φ− γo)
(6)

and the rate of shear deformation sequentially as

.
γ =

cosγo

cos(φ− γo)

vc

Ts
(7)

The average thickness Ts and thickness hDC of the material lamella can be measured and calculated
statistically by electron microscopy, as seen in Figure 4, and the orthogonal rake angle γo can be
measured with the Alicona G5 microscope. The parameter hD corresponds to the feed per tooth.

2.5. Fatigue Testing and Frature Surface Analysis

The objective of the fatigue testing was to examine the influence of the defined cutting conditions
of the face milling on the fatigue life, as summarized in Table 5. The effect of tool inclination of 1◦ has
also been examined.

Table 5. Combinations of cutting parameters of high feed face milling.

ap = 1.50 mm; ae = 8.00 mm Feed per tooth, fz (mm)

Cutting Speed, vc
(m.min−1)

- 0.05 0.50 0.90
90 Combination 1 Combination 2 Combination 3

200 Combination 4 Combination 5 Combination 6

The geometry of the fatigue specimens was chosen to achieve the best match with final operational
use of the bottom wing panel. The main criteria for appropriate specimen geometry are defined as follows:

• Specimen must allow performance analysis of the effect of the high feed face milling on the fatigue
life. Therefore, the flat specimen with largest possible functional area must be chosen.

• Specimen must allow simulation of the tensile cyclic loading during operation.
• Specimen must comply with ASTM E466-15 [26] and EN 6072 [27] aviation standards.

All specimens were oriented in the L-T direction of the rolled plate. Specimens were machined
at the five-axis MCV 1210/Sinumerik 840D milling center (TAJMAC ZPS, share company, Zlin,
Czech Republic/Siemens AG, Erlangen, Germany). Specimens were specially protected against
bending or torsion during machining, and excess heating was limited by use of CIMSTAR 597 coolant
(Cimcool Industrial Products B.V., Vlaardingen, the Netherlands) of 10% volume concentration,
20 bar pressure, and 20 L/min flow rate. All functional areas of the specimens have been protected
against scratches, all sharp edges rounded to 0.3 mm radius, and all other stress concentrators have
been removed.

Fatigue testing has been performed at special axial testing machine BISS and parameters of the
testing are defined as follows:

• Fluctuating tensile cycle with stress ratio, R = 0.1.
• Frequency, f = 10 Hz.
• Stress levels: 180 MPa, 220 MPa, 250 MPa, and 300 MPa.

The source of fatigue crack nucleation was examined with the scanning electron microscope
(TESCAN ORSAY HOLDING share company, Brno, Czech Republic) TESCAN MIRA 3 operating
in both secondary and backscattered electron mode. The fatigue crack initiation and propagation
mechanism and the integrity of the adjacent surfaces were investigated.
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2.6. In Situ Testing

A specimen with special geometry was designed for in situ tensile mechanical testing. Profiles of the
specimen were cut by EDM wire cutting (Electrical Discharge Machining) and polished. Flat functional
surface areas were face milled with a special high feed end-mill (SECO tool JHF 980 Special, fz = 0.05 mm,
vc = 200 m/min, ap = 0.2 mm), and all sharp edges were rounded and polished.

Testing was performed on a special in situ tensile stage MT1000 made by NewTec (10 kN, a tensile
stage) and all analyses were carried out with the SEM TESCAN MIRA 3, equipped with the NewTec
SoftStrain software (version 1, NEWTEC, Nîmes, France), as shown in Figure 5.

 
(a) (b) 

Figure 5. (a) SEM TESCAN MIRA 3 and in situ tensile stage MT1000 made by NewTec; (b) Specimen
clamping in the in situ tensile stage.

2.6.1. In Situ Tensile Testing

The main scope of the in situ tensile testing was to observe the crack initiation and propagation
mechanism in the 7475-T7351 alloy. Two main analyses were performed: (a) Observation of the
entire functional area of the specimen; and (b) detailed observation of selected intermetallic particles
located at the free machined surface of the specimen. Engineering strain distribution under tensile
loading in selected particle was analyzed by DIC (Digital Image Correlation) in MERCURY real-time
tracking software.

2.6.2. In Situ Cyclic Testing

The aim of the in situ tensile cyclic loading was to simulate cyclic loading under the operation
mode and to observe crack nucleation and short crack propagation. Detailed observation of twenty
selected large intermetallic particles was performed in parallel. Parameters of the fatigue loading were
defined as follow:

• Stress control in the range from 35 MPa to 350 MPa (corresponding to force loading from 245 N to
2450 N).

• Stress ratio, R = 0.1.
• Speed of loading: 100 N/s.
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3. Results

3.1. Tool Geometry

The geometry of the tool and profile roughness of the cutting edges were analyzed and the
results are presented in Tables 6 and 7. All parameters complied with manufacturer’s specifications.
The standard deviations were in the range of 3–4% of the mean values.

Table 6. SECO end-milling tool �16×55-115 mm JHF 980 Special geometry.

Cutting Edge
Cutting Edge

Radius rn (μm)
Orthogonal Clearance

Angle αo (◦)
Orthogonal Edge

Angle βo (◦)
Orthogonal Rake

Angle γo (◦)
1. 7.58 9.00 65.57 15.43
2. 7.46 9.31 65.42 15.28
3. 7.48 9.28 65.18 15.54
4. 7.45 9.09 65.19 15.72
5. 7.46 9.07 65.29 15.61

Table 7. SECO end-milling tool �16×55-115 mm JHF 980 Special surface profile roughness parameters.

Cutting Edge Ra (μm) Rq (μm) Rz (μm) Rp (μm) Rv (μm)

1. 0.29 0.37 0.67 0.37 0.63
2. 0.27 0.34 0.86 0.34 0.69
3. 0.24 0.31 0.75 0.31 0.52
4. 0.21 0.27 0.44 0.27 0.52
5. 0.25 0.30 0.59 0.32 0.54

Ra—average roughness of the profile, Rq—root-mean-square roughness of the profile, Rz—mean peak to valley
height of the roughness profile, Rp—maximum peak height of the roughness profile, Rv—maximum valley depth of
the roughness profile.

3.2. Surface Topography Analysis

The effect of the defined cutting conditions and tool inclination on R-parameters of the surface
topography was evident. For the set of samples machined with tool positioning perpendicular
to the machined surface, a digression of the average values of the profile roughness parameter
(measured perpendicularly to the cutting speed, along the feed speed and longitudinal axis of the
samples) was observed:

• The average roughness (Ra) and root-mean-square roughness (Rq) dropped by 35% for the highest
cutting speed (vc = 400 m.min−1).

• No linear function was observed between the cutting speed and the profile roughness parameters,
as indicated in Figure 6.

• Standard deviations of the repeated measurements varied between 5% and 8% of the average
values for all measurements and conditions.

On the other hand, the increase of the profile roughness parameters was observed with the
increase of the feed speed (increase of the feed per tooth, fz, from 0.05 to 0.90 mm). Some examples of
the profile roughness values increasing while increasing the feed speed are mentioned below:

• The average roughness (Ra) increased from 2.71 to 4.30 μm (an increase of 37%), as indicated in
Figure 7.

• The root-mean-square roughness (Rq) increased from 3.49 to 5.27 μm (an increase of 34%),
as indicated in Figure 7.

• The maximum peak to valley height of roughness profile (Rt) increased from 28.59 to 33.78 μm
(an increase of 15%), as indicated in Figure 7.
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• The maximum valley depth of roughness profile (Rv) increased from 13.23 to 16.92 μm (an increase
of 22%), as indicated in Figure 7.

Figure 6. Example of profile roughness parameters (Ra—average roughness of the profile,
Rq—root-mean-square roughness of the profile) for different cutting speed (at feed per tooth fz = 0.05 mm).
The parameter R2 reflects the level of statistical correlation.

No linear function was observed between the cutting speed and the waviness parameters,
or between the feed speed and the waviness parameters (R-squared parameter varied in the range
from 0.1 to 0.7 for different waviness parameters), as shown in Figures 8 and 9.

The surface parameters under different cutting parameters of the face milling were examined
(with tool positioning perpendicular to the machined surface). The results of the measurement can be
summarized as follows:

• The increase of the feed speed (increase of the feed per tooth from 0.05 to 0.90 mm) caused an
increase of surface topography parameters, as indicated in Figure 10.

• The average height of the selected area (Sa) increased from 2.60 to 5.30 μm.
• The root-mean-square height of the selected area (Sq) increased from 3.40 to 6.43 μm.
• The maximum valley depth of the selected area (Sv) increased from 26.77 to 35.35 μm.
• No statistically significant linear function (probability 95%) was found between the cutting speed

and the 3D surface topography parameters.

(a) 

Figure 7. Cont.
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(b) 

(c) 

Figure 7. Selected profile roughness parameters for different feed speeds (at cutting speed
vc = 200 m.min−1): (a) Ra – Average roughness, Rq – root-mean-square roughness; (b) Rt - maximum
peak to valley height of roughness profile; (c) Rv - maximum valley depth of roughness profile.

Figure 8. Example of profile waviness parameters (Wa—average waviness of the profile,
Wq—root-mean-square waviness of the profile) for different cutting speeds (at feed per tooth
fz = 0.05 mm). The parameter R2 reflects the level of statistical correlation.
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Figure 9. Example of profile waviness parameters (Wa—average waviness of the profile,
Wq—root-mean-square waviness of the profile) for different feed speeds (at feed per tooth
vc = 200 m.min−1). The parameter R2 reflects the level of statistical correlation.

(a) 

(b) 

Figure 10. Surface parameters of the selected area for different feed speeds (at cutting speed
vc = 200 m.min−1): (a) Sa - average height of the selected area, Sq - root-mean-square height of
the selected area; (b) Sv - maximum valley depth of the selected area.

The machined surface can by described by the Firestone–Abbott curve, which indicates the
percentage of the material of the profile elements at a defined height relative to the evaluation profile
length (R) or surface area (S). This specific surface criterion is characterized by several parameters.
The parameters of the core roughness depth (Rk and Sk) indicate the volume of the material above
the core material which can be worn during operational use. The parameters of reduced peak height
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(Rpk and Spk) describe the mean height of peaks above the core material. Furthermore, the parameters
of reduced peak height (Rpk and Spk) express the amount of the material that will be removed during
the initial operational wearing process. The parameters of reduced valley height (Rvk and Svk) describe
the mean depth of the valleys below the core material. Therefore, Rvk and Svk parameters indicate
the ability of the machined surface to retain liquids. The parameter Rmr1 indicates the fraction of the
surface which consists of peaks above the core material, and the parameter Rmr2 indicates the fraction
of the surface which will carry the load [28]. An examples of the Firestone–Abbott curve are presented
in Figures 11 and 12.

Figure 11. Example of Firestone–Abbott curve of the roughness profile (fz = 0.05 mm and vc = 90
m.min−1).

Figure 12. Example of Firestone–Abbott curve of the selected area (fz = 0.05 mm and vc = 90 m.min−1).

The machined surface under the defined cutting conditions of the face milling showed the
following results:

• Rpk and Spk decrease linearly with the increase of the cutting speed (while increasing the cutting
speed from 90 m.min−1 to 400 m.min−1, Rpk dropped by approximately 58%, and Spk dropped by
25%), as shown in Figure 13. Therefore, less material will be removed during the initial wearing
process of operational use while implementing higher cutting speeds.

• Rk, Sk and Rpk, Spk increase linearly with increasing feed speed (while increasing feed per tooth
from 0.05 mm to 0.90 mm, Rpk increased by 16% and Spk increased by 26%), as shown in Figure 14.
Therefore, a higher volume of the material will be removed during the initial wearing process of
operational use when implementing higher feed speeds.

235



Materials 2019, 12, 3605

(a) 

(b) 

Figure 13. Mean height of peaks above the core material for different cutting speeds (at feed per tooth
fz = 0.05 mm) (a) Rpk - mean height of peaks above the core material for a profile; (b) Spk - mean height
of peaks above the core material for a selected area.

Analysis of the effect of the tool inclination on the surface parameters can be summarized
as follows:

• Roughness parameters are similar for both types of strategies; however, a greater increase of
roughness parameters while using higher feed speeds was observed for samples machined with
tool inclined by 1◦.

• Roughness parameters were affected by the feed per tooth, not by the tested cutting speeds.
• The effect of the tool inclination cannot be compared properly if no 3D surface topography

parameters are used (see example of two machined samples with different tool positioning in
Figure 15).

• The average height of the selected area (Sa) showed higher values for samples machined with
the tool inclined by 1◦ (by 50–70%) compared to the results with perpendicular tool positioning,
which were in the range of 2.00 to 5.30 μm for all tested conditions. Similar relations were found
for Sq, Ssk, and Sku.

• The texture aspect ratios (Str) for the machined surface did not present significant changes
(the differences for the same cutting conditions were about 15–20%).

• Roughness parameters are not sufficient for comparison of the complex topography of the surface
after machining because of their inhomogeneity and sensitivity to the measured place, which affect
skewness, kurtosis, etc.

• Study of the surface parameters revealed that no crucial variable of surface topography was linked
to the fatigue results of the studied material.
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(a) 

(b) 

Figure 14. Mean height of peaks above the core material for different feed speeds (at cutting speed
vc = 200 m.min−1): (a) Rpk - mean height of peaks above the core material for a profile; (b) Spk - mean
height of peaks above the core material for a selected area.

 
Figure 15. An example of the surface topography of the machined samples (fz = 0.9 mm,
vc = 200 m.min−1, ap = 0.2 mm, ae = 6.0 mm, dry cutting): (a) Without a tool inclination; (b) Tool
inclination of 1◦; (c,d) Corresponding autocorrelations and texture aspect ratio values of the
surface structures.
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3.3. Force Loading Analysis of High Feed Face Milling and Induced Severe Plastic Deformation

The parameters of primary shear deformation and its rates were very high, as can be seen in
Figure 16. Primary shear deformation decreases with increase of the cutting speed as well as with
increase of the feed speed (feed per tooth).

 
(a) 

(b) 

Figure 16. (a) The calculated mean values of the shear deformation and the rate of shear deformation
in the primary zone; (b) Specific cutting forces for the given cutting conditions.

An explanation of this phenomenon is not easy and other works dealing with dislocations are
ongoing. Meanwhile, we tentatively propose that there exists a small region over which there is a
sudden proliferation of high angle boundaries in the microstructure of the material as it is deformed
into the chip [29].
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3.4. Fatigue Testing and Frature Surface Analysis

The effect of the milling parameters on the fatigue life was striking even if the surface topography
after machining was not the key factor affecting the fatigue crack nucleation.

The important decrease of the fatigue life of specimens machined with higher feed rates while
keeping the same cutting speed (an increase from feed per tooth fz = 0.05 mm to fz = 0.90 mm) can be seen
in Figure 17. This decrease of the fatigue life may be caused by the severe plastic deformation achieved
in the smallest chip cross sections and machined at the highest cutting speeds (vc = 200 m.min−1).

 
Figure 17. The effect of the feed speed (feed per tooth) on the fatigue life of alloy 7475-T7351—flat
un-notched specimen (vc = 200 m.min−1).

The effect of the higher cutting speed on the fatigue life of the specimen is evident in the case
of combination with lower feed speed, as presented in Figure 18. Use of higher feed speed increases
the fatigue life for both low and high cycle fatigue modes. However, this effect is suppressed by
combination with a high feed cutting strategy.

Slight inclination of the cutting tool (only 1◦) resulted in a 29–64% reduction of total cycles
(for specimens machined with the combination of the cutting speed vc = 90 m.min-1 and different feed
speeds, as indicated in Figure 19).

Regardless of the cutting conditions, the fatigue cracks were always initiated in the large
intermetallic particles which occurred in different morphologies (as large particles, elongated particles,
or clusters of intermetallic particles). Fatigue cracks were mostly initiated in the intermetallic particles
located in the vicinity of the machined surface regardless of the stress level. An example of the fracture
surface is presented in Figure 20.
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Figure 18. The effect of the cutting speed combined low feed cutting on the fatigue life of alloy
7475-T7351—flat un-notched specimen.

Figure 19. The effect of the tool inclination on the fatigue life of alloy 7475-T7351—flat un-notched specimen.
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Figure 20. Fracture surface for a specimen machined with the following parameters: fz = 0.90 mm and
vc = 90m.min−1, stress level 250 MPa.

3.5. In Situ Testing

3.5.1. In Situ Tensile Testing

Crack propagation from large intermetallic particles to the material matrix was observed even
before reaching the tensile strength limit (484 MPa), as presented in Figure 21. Large intermetallic
particles were the main source of the local stress concentration regardless of the severe plastic
deformation caused by the machining process. Cracks propagated at the angle of 45◦ to the direction
of the maximum shear stresses.

(a) (b) (c) 

Figure 21. Observation of particle cracking: (a) Intermetallic particle before tensile loading;
(b) Intermetallic particle at yield strength (415–419 MPa); (c) Intermetallic particle at tensile strength
limit (484 MPa). The loading axis was horizontal.

The evolution of the engineering strain distribution under tensile loading is shown in Figure 22.
The average engineering strain at the area of the intermetallic particle at yield strength was in the
range of 0.80% to 0.90%, and upon reaching the maximal engineering strain (1.15–1.20%), local crack
initiation was observed.
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Figure 22. DIC analysis of the engineering strain distribution in the intermetallic particle during tensile
loading: at the beginning of the tensile loading, at the yield strength, and at the tensile strength limit.

3.5.2. In Situ Cyclic Testing

During in situ cyclic testing, initial local fatigue cracks were observed in some intermetallic
particles before the fatigue life (1000 cycles) was reached, regardless of severe plastic deformation
induced by the milling process. Local fatigue cracks were initiated in the core of the intermetallic
particles, and with the rising number of cycles, the fatigue cracks propagated locally to the boundary
of the intermetallic particles and the material matrix. Fatigue testing was interrupted at the fatigue
level of 6000 cycles. Up to this number of fatigue cycles, the short fatigue cracks remained inside
the intermetallic particles and did not propagate further. DIC analysis confirmed that once the local
engineering strain reached values of 1.15–1.20% (at 1000 cycles, in this case), the local fatigue cracks
were initiated, as demonstrated in Figure 23.

 
(a) 

 
(b) 

Figure 23. Engineering strain distribution (a) at 100 cycles; (b) at 500 cycles.
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4. Discussion

The observations from the experimental machining, surface analyses, and fatigue testing confirm
similar results as those of Ojolo et al. [17] and Novovic et al. [18].

Surface topography analysis confirmed that the roughness parameters increase with the increase
of the feed speed (feed per tooth). The increase of the cutting speed caused a decrease of the surface
roughness parameters. This result partially confirms the observation of Ojolo et al. [17].

The increase of the feed speed increases surface topography parameters such as average height of
the selected area (Sa), root-mean-square height of the selected area (Sq), or maximum valley depth
of the selected area (Sv). The roughness parameters were found to be similar for both strategies
(perpendicular and inclined by 1◦); however, a greater increase of roughness parameters was observed
while using higher feed speeds for samples machined with the tool inclined by 1◦. The average height
of the selected area (Sa) showed higher values for samples machined with the tool inclined by 1◦.
This parameter was not adequate, considering that maximum valley depth of the selected area (Sv)
was higher for samples machined by a tool positioned perpendicularly to the machined surface.

The trends of specific cutting force and shear deformation confirm a reduction of plastic
deformation with increasing cutting speed, but more intensive deformation with reduction of feed
per tooth. In other words, the intensity of plastic deformation is higher for shallow cuts and higher
cutting speeds.

The highest fatigue resistance was observed at samples machined with the highest cutting speed
(vc =200 m.min−1) and lowest feed per tooth (fz = 0.05 mm). A decrease of the fatigue life of specimens
machined with higher feed rates while keeping the same cutting speed was observed (increase from
feed per tooth fz = 0.05 mm to fz = 0.90 mm). This decrease of the fatigue life may be caused by the
severe plastic deformation achieved in the smallest chip cross sections and machined at the highest
cutting speeds (vc = 200 m.min−1).

Slight inclination of the cutting tool (1◦) resulted in reduction of the total cycles for specimens
machined with cutting speed vc = 90 m.min−1 and different feed speeds. This reduction may be
caused by plastic deformation caused by teeth not engaged in the cut, as in the case of face milling
perpendicular to the machined surface. This plastic deformation may impose beneficial compressive
residual stresses into the machined surface and thus increase the fatigue life.

Therefore, the cutting conditions can affect the material removal rate, but a more serious impact
can be seen in terms of the surface quality and the resistance to mechanical loading. The effect of
inclusions is very serious, and materials used for dynamic loading should be carefully analyzed not
only in view the surface integrity, but also considering the occurrence of the phases, which confirms
the results of Piska et al. [20]. The effect of material hardening and thermal softening when cutting
should be studied further in terms of the density and arrangement of dislocations, stacking fault energy,
and other atomic hardening or softening mechanisms.

5. Conclusions

The application of very advanced laboratory facilities yielded the following results:

• The 7475-T7351 aluminum material was suitable for dynamic mechanical loading with good
machinability when milling with the special monolithic cutter SECO JHF 980 Special.

• The quality of surface parameters and fatigue resistance improved when higher cutting speeds
(200 m/min) and low feeds per tooth (0.05 mm) were used, and extreme shear deformation (γ = 2.5)
and deformation rates (1.2 × 105 s−1) were achieved.

• The measured values of Sa correlated with the Ra parameters in the trends according to the
cutting conditions and proved to be featureless multiplications of the Ra values for all tested
conditions. Nevertheless, no significant variable of the surface topography linked to the fatigue
results was found.
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• The fatigue resistance of the samples machined with the standard perpendicular position of the
tool to the machined surface (i.e. without any spindle inclination) was greater than the results for
samples machined with the inclined tool. Therefore, surfaces with more complex topography
seems to be beneficial; however, new studies with a material with minimal intermetallic inclusions
are needed.

• The crucial and decisive factor for crack nucleation can be seen in the coarse intermetallic inclusions
(Al7Cu2Fe; Al-Cr-Fe-Cu-Si) in sizes from 2 μm up to 20 μm, suppressing the effect of the surface
parameters after machining.

• Further study of the dislocation mechanism responsible for deformation hardening and softening
are required. Research relating surface layer depths and grain size are ongoing.
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8. Kocich, R.; Kunčická, L.; Král, P.; Macháčková, A. Sub-structure and mechanical properties of twist channel
angular pressed aluminium. Mater. Charact. 2016, 119, 75–83. [CrossRef]
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