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Abstract: Ferrous alloys (steels and cast irons) and their heat treatment have attracted a great amount
of basic and applied research due to their decisive importance in modern industrial branches such as
the automotive, transport and other industries. Heat treatment is always required for these materials,
in order to achieve the desired levels of strength, hardness, toughness and ductility. Over the past
decades, many advanced heat- and surface-treatment techniques have been developed such as heat
treatment in protective atmospheres or in vacuum, sub-zero treatment, laser/electron beam surface
hardening and alloying, low-pressure carburizing and nitriding, physical vapour deposition and many
others. This diversity of treatment techniques used in industrial applications has spurred a great extent
of research efforts focused on the optimized and/or tailored design of processes in order to promote
the best possible utilization of material properties. This special journal issue contains a collection of
original research articles on not only advanced heat-treatment techniques—carburizing and sub-zero
treatments—but also on the microstructure–property relationships in different ferrous alloys.

Keywords: grade 92 steel weldment; post-welding heat treatment; tensile straining; hydrogen
embrittlement; ledeburitic tool steels; carburizing; rare-earth element pre-implantation; sub-zero
treatments; microstructure; hardness; toughness; microstructure; fractography

Advanced heat- and surface-treatment techniques play a dominant role in material processing
in modern industry because of the high level of protection against unwanted surface defects such as
oxidation, decarburization, and too-high shape and dimensional distortion, thus reducing the final
operations that are often necessary in order to correct these phenomena. Among these processes, vacuum
heat treatment became of great importance in the processing of tool steels and other high-alloyed
materials, owing to the fact that it produces clean surfaces after heat treatment and that the vacuum
furnaces can be directly incorporated into the manufacturing lines [1]. Thermo-chemical processes
such as carburizing or nitriding often use atmospheres with hazardous environmental and health
impacts such as endo-gases or ammonia. Advanced thermo-chemical processing techniques such
as low-pressure carburizing or nitriding, on the other hand, produce much lower amounts of
environmentally dangerous substances, produce clean surfaces on tools and components, and reduce
their distortion [2–4]. Moreover, these processes manifest much better efficiency, i.e., they enable the
production of surface regions with greater thickness and better uniformity, with substantially shorter
processing times.

In production of hard ceramic layers, processes such as chemical vapour deposition (CVD),
which often produce poisonous hydrogen chloride as a by-product, were replaced by much more
environmentally friendly physical vapour deposition processes. These treatment techniques, in addition,
enable the design and manufacture of tailored-to-customer thin-film architecture, composition and
thickness [5].

Research efforts have also been focused on the design and utilization of the high-power density
treatment of metallic surfaces. Among the techniques, laser- and electron-beam surface hardening,
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remelting and alloying became of the greatest importance in research, development and industry.
This is owing to the possibility to set up the processing parameters exactly in order to obtain the desired
thickness, microstructure and related properties of treated surfaces [6].

This Special Issue contains five original, full-length articles on the effects of surface quality on the
mechanical properties of hard steels, on sub-zero treatments and their impact on microstructure and
mechanical properties, and on the advanced carburizing technique.

Jurči [7] reported on the worsening of the bulk toughness of hard tool steels, which results not
only from increased surface roughness but also from the application of thermo-chemical treatments
such as carburizing, nitriding or boronizing. On the other hand, almost no effect of physical vapour
deposited (PVD) hard coatings on toughness is reported. The material toughness is exactly quantified
by means of measurements of flexural strength and by the estimation of the plastic work of fracture.
Toughness measurements are complemented by a thorough analysis of the fractured surfaces.

In the second paper [8], Razavykia, Delprete and Baldissera provide a comprehensive review on
the cryogenic treatment of metallic materials. They discuss the improvement of material properties and
durability by means of microstructural alteration comprising phase transfer, particle size adjustment,
and distribution. These effects are almost permanent and irreversible. However, while improvements
in the properties of materials after cryogenic treatment are discussed by the majority of reported
studies, the correlation between microstructural alteration and the mechanical properties is unclear
to date. At the end of the paper, the development and the trends for future research in this field are
outlined and discussed.

The third paper [9] deals with the carburizing of 20Cr2Ni4A alloy steel, which was pre-implanted
with either lanthanum or yttrium. The obtained results showed that rare-earth elements promoted the
formation of add-on dislocations in the surface areas, which increased the carbon diffusion coefficient
and thereby contributed to better carbon distribution in the carburized layers. This was reflected in the
improved hardness of the low-pressure carburized components. At the end of the paper, it is stated that
yttrium acts better in terms of obtaining increased surface hardness as compared to the lanthanum ion.

Kusý et al. [10] treated the Vanadis 6 steel at the cryogenic temperature of −75 ◦C, for different
durations. They arrived at the principal findings that this kind of treatment reduces the retained
austenite amount to one third as compared with that in the same steel after room-temperature
quenching. Moreover, treatment at −75 ◦C produces a great number of extra small globular carbides
in the material microstructure. This improves the prior-to-tempering hardness. However, sub-zero
treatment at −75 ◦C leads to the complete loss of the secondary hardness peak, and the as-tempered
bulk hardness manifests clear lowering. The material toughness was slightly deteriorated when
the steel was low-temperature tempered, but an improvement was recorded after high-temperature
tempering. The obtained results were compared with those after sub-zero treatments at −140, −196 or
−269 ◦C.

In the fifth paper [11], the effects of the electrolytic hydrogen charging of T92 steel weldments
on their room-temperature tensile properties were investigated and discussed. The weldments were
differently heat treated after the welding procedure—either tempered below the transformation A1

temperature or normalized (i.e., austenitized above the Ac3 critical transformation temperature and
subsequently air cooled) and tempered. The obtained results indicated higher hydrogen embrittlement
susceptibility for the normalized-and-tempered weldments, compared to the tempered-only ones.
The obtained findings were correlated with performed microstructural and fractographic observations.

All the published articles were reviewed by recognized experts in the appropriate fields through
a single-blind peer-review process. As Guest Editor, I would like to acknowledge all of the authors
for their valuable contributions to the Special Issue. I would also like to thank the reviewers for their
comments and suggestions that greatly improved the quality of the papers. Finally, I would like to
thank the Section Managing Editor, Ms. Ariel Zhou, for her kind assistance in the preparation of the
Special Issue of the journal.
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4. Musil, J.; Vlček, J.; Růžička, M. Recent progress in plasma nitriding. Vacuum 2000, 59, 940. [CrossRef]
5. König, U. Deposition and properties of multicomponent hard coatings. Surf. Coat. Technol. 1987, 33, 91.

[CrossRef]
6. Gnanamuthu, D.S. Laser Surface Treatment. Opt. Eng. 1980, 19, 195783. [CrossRef]
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Abstract: In the present work, the effects of electrolytic hydrogen charging of T92 steel weldments on
their room-temperature tensile properties were investigated. Two circumferential weldments between
the T92 grade tubes were produced by gas tungsten arc welding using the matching Thermanit
MTS 616 filler material. The produced weldments were individually subjected to considerably
differing post-welding heat treatment (PWHT) procedures. The first-produced weldment was
conventionally tempered (i.e., short-term annealed below the Ac1 critical transformation temperature
of the T92 steel), whereas the second one was subjected to its full renormalization (i.e., appropriate
reaustenitization well above the T92 steel Ac3 critical transformation temperature and subsequent
air cooling), followed by its conventional subcritical tempering. From both weldments, cylindrical
tensile specimens of cross-weld configuration were machined. The room-temperature tensile tests
were performed for the individual welds’ PWHT states in both hydrogen-free and electrolytically
hydrogen-charged conditions. The results indicated higher hydrogen embrittlement susceptibility
for the renormalized-and-tempered weldments, compared to the conventionally tempered ones.
The obtained findings were correlated with performed microstructural and fractographic observations.

Keywords: grade 92 steel weldment; post-welding heat treatment; tensile straining; hydrogen
embrittlement; metallography and fractography

1. Introduction

The 9 wt.% Cr creep strength enhanced ferritic (CSEF) steels (e.g., T/P91, T/P92, T/P911, C/FB2, MARBN,
NPM1, etc.) represent advanced structural materials for application in high-efficiency power engineering.
However, for constructing complex power generation equipment, fusion welding technologies are needed
for joining individual functional parts. In accordance with the numerous research studies and ex-service
experience, e.g., [1–5], it has been generally accepted that the fusion welded joints of ferritic steels represent
the most critical component locations with respect to their preferential degradation and potential failure.
Besides the regions of base material (BM) and weld metal (WM) within the structures of all welded joints,
thermal effect of fusion welding on the welded ferritic steels’ BMs typically results in the creation of
a relatively wide heat-affected zone (HAZ) consisting of several, continuously created microstructural
sub-regions, i.e., often called the “HAZ microstructural gradient”. Its occurrence within the welded joint
represents the primary, welding-induced microstructure degradation zone, since the individual HAZ
sub-regions, such as the coarse-grained HAZ (CG-HAZ), fine-grained HAZ (FG-HAZ), inter-critical HAZ
(IC-HAZ), and subcritical HAZ (SC-HAZ), possess mutually various microstructures and mechanical
properties [6–8].

Materials 2020, 13, 3653; doi:10.3390/ma13163653 www.mdpi.com/journal/materials5
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Depending on several factors including the welding metallurgy-related material properties and
outer loading and/or environmental conditions, the fusion weldments can be susceptible to some
of several typical failures [9]. The “Type I” and “Type II” failures, originating from intercrystalline
cracks in weld metals, are generally related to the so-called “hot cracking” phenomena, typically
occurring in weld solidified microstructures with higher impurity content. However, the occurrence of
these failures has been considerably suppressed in the ferritic steels’ weldments thanks to the recently
developed ferritic filler materials of high metallurgical purity [10]. The “Type III” failure typically
occurs within the CG-HAZ close to the weld fusion zone (FZ) of low alloy ferritic steel weldments.
This failure type has been often related to the so-called “reheat cracking” due to either residual stress
relief during the PWHT or superabundant secondary precipitation hardening in FZ/CG-HAZ during
high temperature creep exposure [11–13]. In a specific case of dissimilar weldments, the considered
failure type (sometimes referred to as “Type IIIa” failure [14]) is related to premature creep cracking
within the area of soft, carbon-depleted CG-HAZ, created as a result of the decarburization processes
driven by the carbon activity gradient at the interface between the lower grade ferritic steel and the
higher grade weld metal. Last but not least, depending on acting environmental conditions, the “Type
III” failure may also be related to so-called “cold cracking” phenomena, i.e., hydrogen-induced
cracking (HIC) or environmentally assisted cracking (EAC) [15,16]. This failure occurs due to
exceeding the critical hydrogen concentration in locally hardened FZ/CG-HAZ areas with the highest
degree of transformation (i.e., martensitic) hardening as a consequence of the welding thermal cycle.
Under long-term creep conditions, the welded joints of ferritic heat-resistant steels are typically prone to
the “Type IV” failure within their FG-/IC-HAZs because these regions exhibit the lowest creep strength
within the whole weldment. This failure is generally related to severe degradation of transformation
hardening mechanism and preferential coarsening of Fe2(W,Mo)-based Laves phase within the failure
location [17,18]. The study by Albert et al. [19] showed that the “Type IV” failure is caused by
preferential creep strain accumulation in the soft, fine-grained HAZ regions (FG-/IC-HAZs) due to the
multiaxial stress state induced by microstructural heterogeneity throughout the weld-joint. A specific
failure type is related to “cracking in over-tempered base material” which typically occurs within
the softened region of SC-HAZ and is characterized by a highly ductile fracture [20,21]. This failure
type is observed usually in welded joints after the high temperature tensile tests or after high-stress
short-term creep tests [21,22]. The mechanism of microstructural and property degradation in SC-HAZ,
i.e., within the over-tempered base material, is believed to arise from the coarsening of precipitates
during the welding thermal cycle. After longer durations of low-stress creep tests, the failure commonly
shifts from the over-tempered region to the “Type IV” failure region. However, unlike the short-term
“over-tempered base metal cracking”, the long-term “type IV cracking” is characterized by low-ductility
creep failure [23].

In common industrial practice, the weldments of CSEF steels are necessarily subjected to
conventional PWHT, i.e., the subcritical tempering below the steel Ac1 critical transformation
temperature. The main aim of such PWHT is to relieve residual stresses and thermally stabilize the weld
microstructure with secondary phase precipitates, typically the M23C6 (M = Cr, Fe . . . ) carbides and
MX (M = V, Nb; X = C, N) carbo-nitrides. The direct consequence of performing the subcritical PWHT
procedure is related to the decrease of unallowably high hardness in FZ/CG-HAZ and improvement of
the overall weld fracture resistance [19,24]. However, it has been proved [19] that the occurrence of
premature “Type IV” creep failure in ferritic steels’ weldments cannot be avoided by any variation in
the subcritical PWHT regime, since their HAZ microstructural gradients remain still preserved within
subcritically tempered microstructures. On the other hand, several studies [25,26] suggested that the
only way to enable the “Type IV” failure suppression in ferritic welds is associated with so-called “full
heat treatment” which involves the weld renormalization (i.e., the weld complete reaustenitization
and its subsequent cooling on still air), followed by conventional subcritical tempering.

Our previous investigations [27,28] were focused on investigation of the effects of both
the conventional tempering and quenching-and-tempering PWHT procedures of T92/TP316H
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martensitic/austenitic weldments on their microstructure and creep behavior. The results showed
that the quenching-and-tempering PWHT led to “Type IV” failure elimination and thus notable
creep life improvement as a result of significant homogenization of the T92 steel microstructure, i.e.,
complete suppression of the T92 HAZ microstructural gradient thanks to performed reaustenitization.
Moreover, our separate study [29] on the T92 HAZ local mechanical properties of the T92/TP316H
weldments indicated, that compared to the weldments subjected to only conventional PWHT, the T92
HAZ of quenched-and-tempered weldments exhibited lower hardness and higher impact toughness.
The combined effects of quenching-and-tempering PWHT and subsequent electrochemical hydrogen
charging on room-temperature tensile properties of the T92/TP316H weldments were investigated
in [30]. It has been revealed that the applied electrochemical hydrogen charging did not affect the
strength properties of the weldments significantly, but it resulted in quite serious deterioration of
their deformation properties along with significant impact on their fracture behavior and final failure
localization. The most critical region was found to be the interfacial weld region close to the T92
steel FZ.

Our present study represents a continuous research work to our aforementioned former studies.
It deals with investigation of the effects of initial PWHT conditions and subsequent electrochemical
hydrogenation on the resulting room-temperature tensile properties and fracture behavior of T92/T92
welded joints. Mutual correlations between varying microstructural characteristics induced by different
initial PWHT regimes and resulting mechanical properties of the weldments in either hydrogen-free or
hydrogen-charged conditions are discussed.

2. Materials and Methods

Four segments of industrially normalized and tempered T92 tubes (outer diameter 38 mm, wall
thickness 5.6 mm, approx. tube segment length 130 mm) were circumferentially welded in the
company SES a.s. Tlmače, Slovakia. The welded joints were produced by gas tungsten arc welding
(GTAW) technique using T92-based filler metal Thermanit MTS 616 to prepare two equivalent T92/T92
weldments. The T92/T92 welds geometry was the same as also used in our previous study about
long-term ageing effects on room-temperature tensile behavior of quenched and tempered T92/TP316H
dissimilar weldments [31]. Specifically, the 60◦ groove angle and 2–3 mm root gap was used. Welding
parameters for the preparation of T92/T92 welded joints were the following ones: welding current
120–160 A, voltage 12–17 V and heat input 9–12 kJ/cm. The diameter of TIG electrode was 2.4 mm and
the negative polarity on the electrode was used. Table 1 shows chemical compositions of the T92 steel
base material (T92 BM) and T92 steel-based filler metal (T92 FM) Thermanit MTS 616.

Table 1. Chemical composition (wt.%) of T92 base material (T92 BM) and T92-based filler metal
(T92 FM) used for fabrication of T92/T92 weldments.

Material C N Si Mn Cr Mo W B Ni Ti V Nb Fe

T92 BM 0.11 0.05 0.38 0.49 9.08 0.31 1.57 0.002 0.33 - 0.2 0.07 rest
T92 FM 0.11 0.05 0.2 0.6 8.8 0.5 1.6 - 0.7 - 0.2 0.05 rest

The chemical compositions in Table 1 represent certified alloy compositions by the material
producers Tenaris Dalmine (Dalmine—BG, Italy) and Voestalpine Böhler Welding (Düsseldorf,
Germany), respectively.

The two prepared weldments were individually subjected to mutually differing post-welding heat
treatment (PWHT) procedures. Figure 1 shows schematic illustration of both these PWHT procedures
in context with the equilibrium phase diagram including isoplethal section for T92 BM, computed by
thermodynamic software ThermoCalc (version S, Thermo-Calc Software AB, Solna, Sweden) using
thermodynamic database TCFE6.
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Figure 1. Calculated equilibrium phase diagram with schematic illustrations of individual post-welding
heat treatment (PWHT) regimes applied in the present study for T92/T92 weldments (The T92 steel
composition is indicated in the diagram by vertical dashed line at 0.11 wt.% C).

The first T92/T92 weldment was conventionally tempered at 760 ◦C (i.e., below the Ac1 temperature
of T92 steel) for 60 min and then slowly cooled within the tempering furnace (see the PWHT-1 in
Figure 1). On the other hand, the second T92/T92 weldment was subjected to its full renormalization
consisting of the complete reaustenitization at 1060 ◦C (i.e., well above the Ac3 temperature of T92
steel) for 20 min and subsequently cooled on still air, followed by its conventional subcritical tempering
(see the PWHT-2 in Figure 1). From both weldments, twelve cylindrical tensile test specimens of
cross-weld (c-w) configuration with partly discontinuous M6 thread (due to the above specified tube
wall thickness) within their head portions were machined. A schematic illustration of the tensile test
specimen is shown in Figure 2.

 
Figure 2. The tensile test specimen for cross-weld tensile testing of T92/T92 weldments (All dimensions
are in mm), gauge length diameter 4 mm, gauge length 38 mm.

Electrolytic hydrogenation, i.e., cathodic hydrogen charging of prepared cylindrical c-w tensile
specimens was performed in electrolytic solution of 1M HCl with 0.1N N2H6SO4 at a current density
of 300 A/m2. The hydrogenation was realized at room temperature for 24 h. This procedure has been
optimized and used in our several former studies [15,30,32] which indicated full saturation of tensile
specimens by hydrogen after 24 h of their electrolytic hydrogenation. Similar findings, supported by
hydrogen concentration measurements indicated the same or even shorter hydrogenation time for
achieving the hydrogen concentration saturation in electrochemically hydrogen-charged alloy steels,
as reported in other studies, e.g., [33–35]. Yin et al. [36] indicated that the content of diffusible hydrogen
tends to be the saturation state when the hydrogen charging time reaches 48 h. However, they showed
that the difference in diffusible hydrogen concentration for 24 and 48 h of hydrogen charging was
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already rather small (i.e., within experimental value scattering). A schematic illustration of the whole
experimental setup is visualized in Figure 3.

Figure 3. Schematic illustration of electrolytic hydrogenation.

The room-temperature tensile tests were performed for individual welds’ PWHT states in both
hydrogen-free and hydrogen-charged conditions. The tensile testing was carried out using TIRATEST
2300 universal testing machine (TIRA GmbH, Schalkau, Germany) at a crosshead speed of 0.05 mm/min.
Three tensile test specimens per each state (i.e., “PWHT-1”, “PWHT-2”, “PWHT-1 + hydrogen”, and
“PWHT-2 + hydrogen”) were investigated. The hydrogen-charged samples were tested immediately
after the electrolytic hydrogen charging. The evaluation of c-w tensile properties (i.e., yield stress
“YS” estimated as 0.2% proof stress, ultimate tensile strength “UTS”, total elongation at fracture
“EL”, and reduction of area at fracture “RA”) involved the calculation of their average values and
corresponding standard deviations.

Local mechanical properties of studied weldments were characterized by means of hardness
measurements which were performed using a Vickers 432 SVD hardness tester (Wolpert Wilson
Instruments, division of Instron Deutschland GmbH, Aachen, Germany) on plain surfaces of
longitudinal sections of fractured tensile specimens. This procedure was also helpful for indication of
local strain hardening effects within the studied weldments during the tensile tests. The referential,
i.e., un-deformed samples corresponding to both initial PWHT states were also tested for hardness.
All the hardness measurements were performed at 98 N loading for 10 s per measurement.

Microstructural analyses of the studied weldments were performed on the conventionally prepared
metallographic samples (i.e., wet grinding on SiC papers with granularity from 500 to 1200 grit, cloth
polishing with a diamond paste suspension of a particle size ranging from 1 to 0.25 μm and final
etching in a solution consisting of 120 mL CH3COOH, 20 mL HCl, 3 g picric acid, and 144 mL CH3OH)
using the light optical microscope OLYMPUS GX71 (OLYMPUS Europa Holding GmbH, Hamburg,
Germany) and the scanning electron microscope (SEM) JEOL JSM-7000F (Jeol Ltd., Tokyo, Japan).
Fractographic analyses were carried out using the SEM Tescan Vega-3 LMU (TESCAN Brno, s.r.o.,
Czech Republic).

3. Results and Discussion

3.1. Microstructures

Since the qualitative microstructural characteristics of T92/T92 weldments are, in principle,
symmetrically distributed with respect to the weld centerline, only one half part of the cross-weld
microstructure was documented. Figure 4 shows the light-optical micrograph of T92/T92 weldment
in conventionally tempered, i.e., PWHT-1 material state. It can be clearly seen that the weldment
after the PWHT-1 exhibits a typical microstructural gradient consisting of individual microstructural
sub-regions, i.e., BM, SC-HAZ, IC-HAZ, FG-HAZ, CG-HAZ, FZ, and WM. These microstructural
sub-regions are generally formed of tempered martensitic-ferritic structures with different tempering
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grades of martensite, depending on the reached local peak temperatures (i.e., the temperature gradient)
during the welding thermal cycle.

 
Figure 4. Light-optical micrograph of T92/T92 weldment after the tempering PWHT-1.

The microstructural transitions SC-HAZ/IC-HAZ, FG-HAZ/CG-HAZ, and FZ/WM are clear
thanks to the observed differences in grain size and morphology. However, the microstructural
transitions BM/SC-HAZ and IC-HAZ/FG-HAZ cannot be clearly differentiated by means of light optical
microscopy and, thus, they are only roughly estimated in Figure 4. Figure 5 shows the light-optical
micrograph of T92/T92 weldment in renormalized-and-tempered, i.e., PWHT-2 material state.

 
Figure 5. Light-optical micrograph of T92/T92 weldment after the renormalizing-and-tempering PWHT-2.

It can be seen that the weldment after the PWHT-2 shows quite homogenized microstructure as a
consequence of the performed renormalization treatment. Within the renormalized-and-tempered
weldment, only the regions of BM and WM can be clearly distinguished (Figure 5). This observation
can be directly related to the homogenization effect of the applied PWHT-2 resulting in notable
suppression of the original T92 HAZ microstructural gradient due to the performed renormalization.
However, it should be noted that Figure 5 indicates also a certain microstructural refinement
within the former CG-HAZ and WM regions compared to the microstructure of rest BM involving
the renormalized-and-tempered regions of former SC-HAZ, IC-HAZ, and FG-HAZ. The detailed
SEM-micrographs of individual microstructural zones of T92/T92 weldment after the PWHT-1 and
PWHT-2 are shown in Figures 6 and 7, respectively.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 6. SEM-micrographs of individual microstructural zones of T92/T92 weldment after the
tempering PWHT-1: (a) BM; (b) SC-HAZ; (c) IC-HAZ; (d) FG-HAZ; (e) CG-HAZ; and (f) WM.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 7. SEM-micrographs of individual microstructural zones of T92/T92 weldment after the
renormalizing-and-tempering PWHT-2: (a) BM; (b) former SC-HAZ; (c) former IC-HAZ; (d) former
FG-HAZ; (e) former CG-HAZ; and (f) WM.

The phase composition of normalized and tempered martensitic steels of T/P92 grade is generally
known and consists of ferritic matrix and strengthening precipitates of intergranular M23C6 (M = Cr,
Fe . . . ) carbides and intragranular MX (M = V, Nb; X = C, N) carbo-nitrides [37–41]. The same
phase composition is to be expected also in the currently studied T92/T92 weldments in both the
conventionally tempered and renormalized-and-tempered PWHT conditions. Although predicted by
the phase diagram in Figure 1, the precipitation of intermetallic Fe2(W,Mo) Laves phase is not to be
expected in the currently studied material states (PWHT-1 and PWHT-2) due to insufficient time for its
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creation related to slow diffusion kinetics of the tungsten and molybdenum atoms in the ferrite solid
solution. This assumption has already been evidenced in our several former studies [27–29] about
the effect of PWHT conditions on microstructure and various properties of dissimilar T92/TP316H
ferritic/austenitic weldments for high temperature applications.

By comparison of individual microstructures in Figures 6 and 7, it can be stated that the performed
PWHT-2 did not induce full microstructural homogenization of studied weldment with respect to the
grain size. Thus, from the observed microstructural characteristics in Figure 7, it cannot be explicitly
judged about the appropriateness of the used PWHT-2. Although the original HAZ microstructural
gradient has been considerably suppressed, some recognizable microstructural heterogeneity among
former HAZ sub-regions is still to be observed. The originally fine-grained regions (IC-HAZ, FG-HAZ)
related to PWHT-1 became notably coarse-grained after the PWHT-2. On the contrary, the originally
coarse-grained regions (CG-HAZ and WM) became partly refined. The observed microstructural
changes can be related to variant (non-uniform) microstructural evolution in individual sub-regions
during the PWHT-2 due to pre-existing microstructural differences originated from the primary
welding-induced microstructural changes. The IC-HAZ microstructure is formed in the region of BM
heated up during the welding to inter-critical peak temperatures (i.e., the temperatures in Ac1-Ac3

range). Accordingly, the IC-HAZ is formed of fine-grained microstructure consisting of over-tempered
(i.e., non-transformed) martensite (i.e., ferrite with coarsened precipitates of original undissolved
carbides) and newly formed martensite created on cooling from fine-grained non-saturated austenite.
The FG-HAZ microstructure is formed in the region of BM heated up during the welding to peak
temperatures just above Ac3 up to about 1100 ◦C. After subsequent cooling, the resulting FG-HAZ
consists of newly formed martensite created from fine-grained non-saturated austenite and coarsened
precipitates of original undissolved carbides. As shown in Figure 7, after the PWHT-2 both the IC-HAZ
and FG-HAZ microstructures exhibit pronounced grain growth which can be related to the lower
pinning effect of the coarsened carbide precipitates on the grain boundaries. Thus, the evolution of
pronounced grain coarsening in both originally fine-grained IC-HAZ and FG-HAZ microstructures
during the renormalization seems to be associated with their low thermal stability in as-welded material
condition, enhancing the thermodynamic driving force for the observed microstructural changes.
In contrast to the IC-HAZ and FG-HAZ regions, the original CG-HAZ and WM regions are created as
a result of on-cooling phase transformations from the highest peak temperatures reached during the
welding thermal cycle. Thanks to carbide dissolution at considered peak temperatures, these regions
consist of coarse grain structures with the highest level of transformation (i.e., martensitic) hardening.
During renormalization at 1060 ◦C (Figure 1) of these primarily coarse-grained microstructures,
thermodynamic conditions for further grain growth are rather unfavorable due to a relatively low
renormalization temperature compared to the considered highest peak temperatures. Instead, thanks
to the effect of carbon supersaturation in these martensitic microstructures, the creation of newly
formed (small) austenite grains on heating to the renormalization temperature is thermodynamically
favored. This transformation behavior during the weld renormalization followed by on-cooling phase
transformations and final tempering is assumed to be the reason for the creation of partly refined
microstructures of CG-HAZ and WM after the PWHT-2.

3.2. Mechanical Properties

The effects of initial PWHT conditions in combination with subsequent electrolytic hydrogenation
of the studied T92/T92 weldments on their room-temperature tensile properties are shown in Figure 8.
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(a) (b) 

Figure 8. The effects of PWHT conditions and subsequent electrolytic hydrogenation on room-temperature
tensile properties of investigated T92/T92 weldments: (a) strength properties and (b) deformation properties.

It can be seen that the renormalizing-and-tempering PWHT-2 of studied T92/T92 weldment
resulted only in a small increase of the strength properties, i.e., the YS and UTS values, compared to
those of the weldment after the tempering PWHT-1 (Figure 8a). Thus, it can be stated that the effect
of various PWHT conditions on the resulting strength properties of studied weldment was rather
insignificant. In addition, the differences in measured strength properties between the hydrogen-free
and hydrogen-charged weldments in the both PWHT conditions were also quite negligible (Figure 8a).
On the contrary, the renormalizing-and-tempering PWHT-2 of studied weldment resulted in a
significant decrease of the deformation properties, i.e., the EL and RA values, compared to those of
the weldment after the tempering PWHT-1 (Figure 8b). Additional hydrogen charging of the studied
weldments in both PWHT material states led to further deterioration of their deformation properties
(Figure 8b). However, the observed detrimental effect of the renormalizing-and-tempering PWHT-2 on
the deformation properties of the weldments was much more pronounced in comparison with the
effect of electrolytic hydrogenation. The measure of individual studied effects (i.e., the heat treatment
procedure and electrolytic hydrogenation) on the plasticity deterioration can be quantitatively estimated
using the so-called embrittlement index EI:

EI (0, x) =
RA0 −RAx

RA0
× 100% (1)

where RA0 and RAx are the values of reduction of area at fracture of two considered material states,
and the subscripts “0” and “x” refer to the states selected as initial and final, respectively [30].
Thus, the calculated values of the embrittlement index using the average RA values (Figure 8b)
are summarized in Table 2. From the calculated values of embrittlement index in Table 2, it is
clear that the highest degree of embrittlement of studied weldments is caused by the application of
renormalizing-and-tempering PWHT-2 (row 1). When comparing the effects of additional hydrogen
charging, the higher measure of hydrogen embrittlement is indicated for the weldments processed by
the PWHT-2 (row 3) compared to the weldments processed by the PWHT-1 (row 2).

Table 2. Embrittlement index for individual material states.

Row 0 x EI (0, x) [%]

1 PWHT-1 PWHT-2 58.2
2 PWHT-1 PWHT-1 + H 16.1
3 PWHT-2 PWHT-2 + H 28.9

The obtained findings about the highly detrimental effect of the welds’ homogenization treatment
on their plastic properties can be explained by considering the microstructural changes induced by
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the renormalizing-and-tempering PWHT-2. The observed microstructural differences between the
weldments in PWHT-1 and PWHT-2 material states (Figures 4–7) have crucial effects on the localization
of plastic deformation during the tensile testing. In order to indicate local strain hardening behavior in
the studied T92/T92 weldments during the tensile straining, c-w Vickers hardness measurements were
carried out on the plain surfaces of longitudinal sections of fractured tensile samples after the tensile
tests. Figures 9 and 10 show the c-w Vickers hardness profiles of the studied weldments initially heat
treated using the PWHT-1 and PWHT-2, respectively. Visible interruptions within the c-w hardness
profiles indicate the fracture locations of broken tensile test specimens after the room-temperature
tensile tests. The c-w hardness profiles of the referential unstrained samples are also included for
comparison. Significant differences between the c-w hardness profiles of T92/T92 weldments in various
initial PWHT conditions are clearly visible when comparing Figures 9 and 10. By comparison of both
unstrained samples (i.e., in PWHT-1 and PWHT-2 conditions), it can be concluded that the weldment
after the tempering PWHT-1 shows a steep hardness gradient in its HAZ. The highest hardness values
are measured in the WM and FZ regions which can be related to the highest measure of transformation
(i.e., martensitic) hardening in these locations. On the other hand, the lowest hardness values are
typically measured in the FG-HAZ, IC-HAZ, and partly SC-HAZ regions which are known to be
locations with the greatest degradation of transformation hardening during the welding thermal
cycle [10].

 
(a) 

 
(b) 

Figure 9. The effects of electrolytic hydrogenation and subsequent room-temperature tensile testing on
cross-weld hardness profiles of T92/T92 weldments initially heat treated by conventional tempering
PWHT-1: (a) overall hardness profiles and (b) detailed hardness profiles focused on the HAZ.
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(a) 

(b) 

Figure 10. The effects of electrolytic hydrogenation and subsequent room-temperature
tensile testing on cross-weld hardness profiles of T92/T92 weldments initially heat treated by
renormalizing-and-tempering PWHT-2: (a) overall hardness profiles and (b) detailed hardness profiles
focused on the former HAZ.

The hardness profiles of both the hydrogen-free and hydrogen-charged specimens show the
strain-induced hardness peaks in the formerly soft (i.e., in the initial unstrained state) SC-HAZ in the
location of tensile test fracture. Thus, the originally softer areas within the T92/T92 weldment in the
PWHT-1 material state represent the locations of the localization of the highest plastic deformation
during tensile testing.

The necking-related hardness peaks at fracture locations are the result of strain hardening due to
the localization of plastic deformation after reaching plastic instability during tensile testing. This can
be supported by the fact that the more ductile samples after the PWHT-1 (in both hydrogen-free
and hydrogen-charged conditions, see Figure 9) show significant hardness peaks, compared to the
less pronounced hardness peak related to the embrittled sample after the PWHT-2. Moreover, the
hydrogenated sample after the PWHT-2 shows almost total suppression of its hardness peak in fracture
location (see Figure 10). The localized plastic deformation can reasonably explain the better deformation
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properties of the highly heterogeneous T92/T92 weldment in the PWHT-1 material state, compared to
the homogenized weldment in the PWHT-2 material state. The localized plastic deformation can be
quantified by true fracture strain εf, as it follows:

ε f = ln
A0

A f
(2)

where A0 and Af are the values of original cross-sectional area and final (i.e., minimal) cross-sectional
area at the point of fracture of the tensile test specimen. The calculated εf values indicating the level of
accumulated plastic deformation at the location of final fracture are shown in Table 3:

Table 3. Calculated values of true fracture strain for studied weldment in individual material states.

Material State εf (–)

PWHT-1 0.907
PWHT-1 + hydrogen 0.693

PWHT-2 0.286
PWHT-2 + hydrogen 0.195

In our case, the reason to cause localized plasticity is related to the tri-axial stress state (i.e., the
stress triaxiality) induced by plastic instability at local microstructural heterogeneities (microstructural
notches), namely the HAZ microstructural gradient and WM microstructural heterogeneity in the
PWHT-1 and PWHT-2 material states, respectively. For the sake of completeness, it should be noted that
for the weldments in PWHT-1 material state, the increased strain hardening effects were observed not
only at the final fracture locations but also at the locations of the concurrent necking areas (Figure 9a).
The reason for this behavior was to be expected since the c-w configuration of investigated tensile
samples implied symmetrical occurrence of equivalent HAZ microstructural gradients at the both sides
of welded base materials. The undeformed weldment after the renormalizing-and-tempering PWHT-2
shows equalized course of hardness values as a result of the weld microstructure homogenization
(Figure 10). Moreover, the hardness profile of hydrogen-free weldment, initially subjected to the
renormalizing-and-tempering PWHT-2, shows after the tensile test the localized strain hardening at
the location of final failure in WM. The hydrogen-charged weldment shows the same failure location
but without the occurrence of significant strain hardening at fracture location. The observed WM
failures occurred likely due to the fact that the WMs represent the critical microstructural regions even
after the performed homogenization treatment due to their original as-cast microstructure and thus
higher impurity content and inhomogeneity compared to the BM. For comparison, Figure 11 shows
four selected engineering stress-strain curves representing the overall tensile deformation behavior
of the studied T92/T92 weldments in their individual material states with respect to the used PWHT
conditions and hydrogen charging application. From the obtained results, it can be concluded that the
tensile deformation and fracture behavior of studied T92/T92 weldments is more sensitive to the initial
PWHT conditions than to the applied electrolytic hydrogenation. In spite of the occurrence of certain
hydrogen embrittlement in the studied weldments, it has been shown that the thermal deterioration
caused by the use of renormalizing-and-tempering PWHT-2 is much more significant. This statement
is additionally supported by the fact that the final failure locations are primarily pre-determined by the
used PWHT conditions, i.e., regardless of hydrogen charging application. The T92/T92 weldments
after the tempering PWHT-1 were always broken in their SC-HAZs, whereas the weldments after the
renormalizing-and-tempering PWHT-2 always fractured in their WMs.
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Figure 11. The effects of PWHT conditions and subsequent electrolytic hydrogenation on tensile
deformation behavior of investigated T92/T92 weldments.

Figure 12 shows representative photo-macrographs of longitudinal sections of the fractured tensile
samples’ counterparts showing two different failure locations of the studied T92/T92 weldments in
their all investigated material states.

 
Figure 12. Photo-macrographs of fractured tensile samples’ counterparts indicating various failure
locations after room-temperature tensile tests of T92/T92 weldments in their individual material states:
(a) “PWHT-1”; (b) “PWHT-1 + hydrogen”; (c) “PWHT-2”; (d) “PWHT-2 + hydrogen”.

The detailed discussion on mutual correlation between the fractographic and microstructural
characteristics of studied T92/T92 weldments will be provided within the following section.

3.3. Fractography

As already discussed, and shown in Figure 12, the room-temperature fracture behavior of studied
T92/T92 weldments during tensile straining is primarily controlled by the used PWHT conditions,
whereas the effect of electrolytic hydrogenation is less critical. The observation of macroscopically ductile
failures (Figure 12a,b) within the SC-HAZs of both the hydrogen-free and hydrogen-charged T92/T92
weldments after the tempering PWHT-1 and tensile straining, can be related to higher deformability
of the over-tempered SC-HAZs compared to the BM and WM regions. The corresponding fracture
analyses for the hydrogen-free and hydrogen-charged weldments initially processed by the PWHT-1
are shown in Figures 13 and 14, respectively. Although the both hydrogen-free and hydrogen-charged
weldments in PWHT-1 material state were broken in a recognizably ductile manner in their SC-HAZs
(see the fracture paths in Figures 13a and 14a), the signs of hydrogen embrittlement are clearly visible
for the hydrogen-charged weldment. In Figures 13a and 14a the SC-HAZ microstructures beneath
final fractures are characterized by intensive deformation of grains in a direction of dominating tensile
stresses. The microstructure of hydrogen-free weldment after the PWHT-1 (Figure 13a) shows randomly
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distributed precipitates and signs of microvoid coalescence along the elongated grain boundaries
indicating the origin of the formation of ductile dimples on the fracture surface (Figure 13b). Whereas
the fracture surface of hydrogen-free T92/T92 weldment in PWHT-1 material state shows completely
ductile dimple fracture (Figure 13b), the fracture surface of the hydrogen-charged weldment shows
quasi-cleavage areas with typical “fish-eye” morphology due to the local hydrogen-embrittlement
beside ductile dimple tearing areas (Figure 14b). The hydrogenated sample after the PWHT-1 shows
in its microstructure beneath the fracture surface hydrogen-assisted cracks and even some grain
fragmentation (Figure 14a). The “fish-eye” fractographic object on the fracture surface (Figure 14b)
represents the hydrogen embrittled quasi-cleavage zone created radially along the central inclusion.

 
(a) 

 
(b) 

Figure 13. Fracture analysis of hydrogen-free T92/T92 weldment initially processed by the PWHT-1
and subsequently ruptured in SC-HAZ after the room-temperature tensile test: (a) fracture path and
microstructure beneath the fracture; (b) fracture surface showing pure ductile dimple tearing.

 
(a) 

 
(b) 

Figure 14. Fracture analysis of hydrogen-charged T92/T92 weldment initially processed by the PWHT-1
and subsequently ruptured in SC-HAZ after the room-temperature tensile test: (a) fracture path and
microstructure beneath the fracture; (b) fracture surface showing mixed fracture consisting of both
transgranular quasi-cleavage with a “fish-eye” morphology and ductile dimple tearing.

On the other hand, the observation of rather brittle failures (Figure 12c,d) within the WMs of both
the hydrogen-free and hydrogen-charged T92/T92 weldments after the renormalizing-and-tempering
PWHT-2 can be related to their lower deformability. It appears as a result of thermal embrittlement
and possibly remaining microstructural heterogeneities of the original as-cast WMs microstructures
(e.g., dendritic segregation) due to insufficient homogenization (i.e., short time for the alloying
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elements redistribution during performed reaustenitization, see Figure 1). Thus, the WMs represent
the most heterogeneous regions within the renormalized-and-tempered weldments. This finding
indicates the reason for their high propensity for the localization of plastic deformation and final
failure occurrence during tensile straining. The corresponding fracture analyses for the hydrogen-free
and hydrogen-charged weldments initially processed by the PWHT-2 are shown in Figures 15
and 16, respectively.

 
(a) 

 
(b) 

Figure 15. Fracture analysis of hydrogen-free T92/T92 weldment initially processed by the PWHT-2
and subsequently ruptured in WM after the room-temperature tensile test: (a) fracture path and
microstructure beneath the fracture; (b) fracture surface showing mixed fracture consisting of both
ductile dimple tearing and transgranular quasi-cleavage.

 
(a) 

 
(b) 

Figure 16. Fracture analysis of hydrogen-charged T92/T92 weldment initially processed by the
PWHT-2 and subsequently ruptured in WM after the room-temperature tensile test: (a) fracture path
and microstructure beneath the fracture; (b) fracture surface showing mixed fracture consisting of
transgranular quasi-cleavage with a “fish-eye” morphology besides ductile dimple ridges and some
inter-lath decohesion areas.

The fracture paths in Figures 15a and 16a indicate lower ductility failures for both the hydrogen-free
and hydrogen-charged T92/T92 weldments after the renormalizing-and-tempering PWHT-2 compared
to the weldments after the tempering PWHT-1 (Figures 13a and 14a). The clearer differences between the
fracture mechanisms related to the hydrogen-free and hydrogen-charged weldments after the PWHT-2
are distinguishable on the fracture surfaces in Figures 15b and 16b. Whereas the fracture surface of
hydrogen-free weldment exhibits mixed fracture mechanisms including the ductile dimple tearing
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and transgranular quasi-cleavage (Figure 15b), the fracture surface of hydrogenated weldment shows
even more complex fracture mechanisms involving transgranular quasi-cleavage with a “fish-eye”
morphology besides ductile dimple tearing and some inter-lath decohesion (Figure 16b). The reason
for the observed fracture morphology changes can be explained by considering local microstructural
characteristics beneath the fracture surfaces. In Figures 15a and 16a the WM microstructures beneath
final fractures are characterized by polygonal grains and sub-grains almost continuously decorated with
coarsened secondary phase precipitates indicating thermal embrittlement induced by PWHT-2. That is
why the both hydrogen-free and hydrogen-charged samples show mixed fractures consisting of both
ductile dimple tearing and brittle transgranular quasi-cleavage (Figures 15b and 16b). The reason for
the additional occurrence of “fish-eye” fracture morphology on the fracture surface of the hydrogenated
sample treated by PWHT-2 (Figure 16b) is basically the same as in the case of hydrogenated sample
after the PWHT-1. However, the higher level of thermal embrittlement after the PWHT-2 was at
the same time the reason for higher grade of hydrogen embrittlement due to the existence of more
nucleation sites for the creation of “fish-eye” fractographic objects.

As already shown in previous section, the hardness profile of undeformed c-w sample of T92/T92
weldment after the PWHT-2 (Figure 10) showed somewhat lower hardness in WM compared to the
rest BM portions. This observation may also be related to lower alloying of WM compared to BM.
Thus, the preferential deformation of softer WMs during room-temperature tensile deformation of the
welds after the PWHT-2 gave rise to their higher propensity for localization of plastic deformation and
final failure occurrence. It can be concluded that the use of renormalizing-and-tempering PWHT-2 was
found to be rather inconvenient for improving the microstructure and mechanical properties of the
investigated T92/T92 weldments. However, based on the results obtained from the cross-weld tensile
tests, the hydrogen embrittlement susceptibility of the investigated weldments was rather low for both
the applied PWHT conditions.

4. Conclusions

In present study the T92/T92 weldments in two different initial PWHT states (i.e., in either
conventionally tempered PWHT-1 state or in renormalized-and-tempered PWHT-2 state) were
investigated in terms of the electrolytic hydrogenation effect on their room-temperature tensile
properties and fracture behavior. Here are the main conclusions:

• The observed microstructural variations of studied weldments induced by different initial PWHT
conditions had crucial effects on their resulting tensile deformation and fracture behavior in both
the hydrogen-free and hydrogen-charged conditions. The weldments after the tempering PWHT-1
exhibited a typical HAZ microstructural gradient consisting of the CG-HAZ, FG-HAZ, IC-HAZ,
and SC-HAZ, whereas the weldments after the renormalizing-and-tempering PWHT-2 showed
quite homogenized microstructure of former HAZ. In addition, the regions of WM and former
CG-HAZ showed certain microstructural refinement compared to the rest of the BM.

• The effects of both the PWHT conditions applied and electrolytic hydrogenation on the
resulting strength properties, i.e., the YS and UTS values of studied weldments, were rather
insignificant. A small increase of the measured strength properties has been observed after
the renormalizing-and-tempering PWHT-2 compared to the tempering PWHT-1, which was
reasonably attributed to the overall suppression of the former HAZ microstructural gradient with
its soft microstructural sub-regions as indicated by c-w hardness measurements. As expected,
some small hydrogen-induced hardening effects were observed for the weldments in both the
PWHT-1 and PWHT-2 states.

• The used renormalizing-and-tempering PWHT-2 of studied weldment resulted in a significant
decrease of its plastic properties, i.e., the EL and RA values, compared to those of the weldment
after the conventional tempering PWHT-1. Thus, the use of renormalizing-and-tempering PWHT-2
was found to be quite inappropriate for improving the microstructure and mechanical properties
of the investigated T92/T92 weldments. The application of electrolytic hydrogenation of the
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studied weldments in their both PWHT conditions led to additional detrimental effects of their
plastic properties. Although the results indicated recognizably higher hydrogen embrittlement
susceptibility for the renormalized-and-tempered weldments compared to the conventionally
tempered ones, it can be concluded that all studied weldments show sufficient resistance against
hydrogen embrittlement in conditions of the present investigation.
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Abstract: Vanadis 6 ledeburitic tool steel was subjected to sub-zero treatment at −75 ◦C for different
durations, and for different subsequent tempering regimes. The impact of these treatments on the
microstructure, hardness variations, and toughness characteristics of the steel was investigated. The
obtained results infer that the retained austenite amount was reduced to one fourth by sub-zero
treatment (SZT), and the population density of add-on carbides was increased by factor of three to
seven, depending on the duration of SZT. Tempering always reduced the population density of these
particles. A hardness increased by 30–60 HV10 was recorded after sub-zero treatment but tempering
to the secondary hardness peak induced much more significant hardness decrease than what was
established in conventionally quenched steel. The flexural strength was not negatively influenced by
sub-zero treatment at −75 ◦C while the fracture toughness tests gave worse values of this quantity,
except the case of steel tempered to the secondary hardness peak.

Keywords: vanadis 6 steel; sub-zero treatment at−75 ◦C; microstructure; hardness; fracture toughness

1. Introduction

In conventional heat treatment of tools made of high-alloyed Cr and Cr–V ledeburitic steels,
the material is gradually heated up to the austenitizing temperature (recommended by the steel
manufacturers), held there for prescribed time, and cooled down rapidly to the room temperature.
Afterwards the steels should be subjected to tempering immediately, to prevent the retained austenite
stabilization, and to induce transformations leading to the achievement of final properties of tools
or components.

Ledeburitic steels are commonly used as tool materials for cold work applications. In order to
generate high abrasive wear resistance, they contain a high amount of carbide phases embedded in a
metallic matrix. On the other hand, these carbides together with high overall steel hardness deteriorate
the material resistance against crack initiation/propagation, expressed by the fracture toughness KIC.
Also, the flexural strength of ledeburitic steels, which is often also taken as a measure of resistance
against crack initiation for brittle materials, manifests relatively low values. Moreover, conventionally
produced ledeburitic steels are cast and afterwards hot formed. As a consequence, they contain
band-like carbides, thus they suffer from anisotropy of key mechanical properties [1].

Sub-zero treatment is defined as a supplementary process to the conventional heat treatment.
Unlike conventional heat treatment (CHT), it is a process where the tools or components are immersed
into suitable cryoprocessing medium, stored there for pre-determined time (usually in tens of hours),
and re-heated to the room temperature. Research works conducted on application of this kind
of treatment have shown that sub-zero treatments provide extra benefits to the tooling industry
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like increased hardness [2,3], better wear performance [3,4], and improved dimensional stability of
products [5].

According to recent studies, the following crucial microstructural changes are responsible for
these benefits:

(i) Considerably reduced retained austenite (γR) amount [2,6–9].
(ii) Refinement of the martensite along with an enhanced number of crystal defects such as dislocations

and twins inside martensitic domains [7,9,10].
(iii) Enhancement of number and population density of small globular carbides (SGCs) [2,3,7,8,11,12].
(iv) Acceleration of the precipitation rate of nano-sized transient carbides [11–15].

However, the impact of sub-zero treatments on the toughness characteristics (fracture toughness,
flexural strength, and impact toughness) is controversial as Table 1 illustrates.

Table 1. Toughness and fracture toughness of differently sub-zero treated ledeburitic steels—an
overview of the obtained results to date.

Steel Treatment Quantity Description Reference

AISI D2
−70, −100, −130, and
−196 ◦C, tempering at

200 ◦C
Impact toughness

Considerable reduction, extent of reduction
depends on both the austenitizing temperature

(better toughness is achieved at lower
austenitizing temperature) and SZT

temperature (−70 ◦C produces the lowest
values)

[16]

AISI D2 −196 ◦C/16 h, tempering
at 170 or 450 ◦C Impact toughness Considerable reduction, degree of reduction is

much higher than the improvement of hardness [17]

AISI D2 −196 ◦C/20 h Impact toughness
Reduction after low-temperature tempering

but improvement after tempering to the
secondary hardness

[18]

AISI D2

−196 ◦C/36 h, −75 ◦C/5
min

−125 ◦C/5 min,
tempering at 210 ◦C

Fracture toughness
Significant reduction after SZT at either –75 or
–125 ◦C, moderate reduction after SZT at –196

◦C
[19]

Vanadis 6
−196 ◦C/4 or 10 h, −90
◦C/4 h, tempering twice

at 530 ◦C
Flexural strength,

fracture toughness
Marginal effect on flexural strength but slightly

positive effect on fracture toughness [20]

Vanadis 6 −196 ◦C/17 h, tempering
170–530 ◦C

Flexural strength,
fracture toughness

Marginal effect on flexural strength in
low-temperature

Tempering range, improvement in normal
secondary hardening temperature range.
Worsening of fracture toughness except
tempering to the secondary hardness.

[21]

Vanadis 6 −140 ◦C/17 h, tempering
at 170–530 ◦C

Flexural strength,
fracture toughness

Slight improvement of flexural strength at low
tempering temperatures but almost no effect

after tempering at 450 ◦C and above.
Improvement of fracture toughness after high
temperature tempering but slight deterioration
after tempering within the 170–450 ◦C range

[22]

AISI D3 −196 ◦C/12, 24 or 36 h,
tempering at 150 ◦C Impact toughness

Significant reduction, the reduction is more
pronounced with increasing the duration of

SZT
[23]

The question of an optimal regime of sub-zero treatments is still under debate. In the "pioneer
age" of this technique it was believed, within the professional community, that the benefits of sub-zero
treatments are based only on the reduction of retained austenite amount. Therefore, the temperatures
of around −75 ◦C were widely used in laboratory and industrial practice. Lower temperatures were
not accepted for the treatments since their use often led to premature failure of tools, due to thermal
shocks associated with the use of very low temperatures. Treatment at the boiling temperature of
liquid nitrogen (−196 ◦C) was introduced into industrial practice only much later, when the devices
enabled to carry out well controlled cooling down to such low temperature.
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Other sub-zero treatment temperatures were suggested only by very limited number researchers.
Reitz and Pendray and Gavriljuk et al., for instance, suggested the temperature of −140 ◦C [24,25].
Recent studies dealing with thorough analysis of microstructure and toughness of the Vanadis 6
steel treated in this way gave very promising results [22,26]. Alternatively, there were attempts
and/or suggestions with the use of the temperature of boiling helium (−269 ◦C) [13,27]. However, the
treatment temperature of −75 ◦C also deserves attention since one can expect that the phenomena being
responsible for abovementioned ameliorations in properties would proceed faster at −75 ◦C than at
lower temperatures. Also, practical experiences indicated that the extent of "extra" wear performance
(or other property), which can be gained by the use of SZT at −196 ◦C (as compared with treatments
at −75 ◦C) depends on the material chemistry. For instance, the wear performance of AISI D2 steel
was improved by a factor of 2.59 by the treatment in liquid nitrogen (as compared with treatment at
−75 ◦C), while only an improvement by a factor of 1.39 was recorded for CPM 10-V steel (steel with
high vanadium content) [24].

The current paper is thus focused to an in-depth description of the results obtained with the
sub-zero treatments of Vanadis 6 steel at the temperature of −75 ◦C, and to their careful discussion.
Microstructural changes are presented, and they are related to the hardness, flexural strength, and
fracture toughness of examined steel. The obtained results are also compared to what was obtained by
treatments at temperatures −140, −196, and −269 ◦C, respectively.

2. Experimental

The powder metallurgy (PM) tool steel, Vanadis 6, with nominal composition (in wt%) 2.1 C, 1 Si,
0.4 Mn, 6.8 Cr, 1.5 Mo, 5.4 V, and Fe as a balance was selected for the examinations. Due to the PM
technique used for the steel manufacturing the material is free of macrosegregations and also of carbide
bands, and manifests high degree of isotropy. This makes it possible to disregard the orientation in
sample manufacturing. The initial microstructure was soft-annealed, with a hardness of 272 HV10.

The specimens were machined to a net-shape and subjected to the heat treatment schedules.
Conventional heat treatment consisted of gradual heating up to the austenitizing temperature of
1050 ◦C, holding at that temperature for 30 minutes to enable the dissolution of carbides and austenite
homogenization, which was followed by room temperature quenching by using cold nitrogen gas.
Then, one set of specimens was separated and subjected instantly to tempering treatments. The other
specimens were moved to cryogenic system and subjected to sub-zero treatments at the temperature of
−75 ◦C, and for different durations prior to tempering.

In sub-zero treatments, room temperature quenched specimens were cooled down to −75 ◦C, at a
controlled cooling rate of 1 ◦C/min, stored at the lowest temperature for predetermined duration (4, 10,
17, 24, or 48 h), and re-heated by a heating rate of 1 ◦C/min to the room temperature. Immediately
after the specimens reached the room temperature, they were moved to the tempering furnace where
they were tempered in an atmosphere of pure technical nitrogen. Tempering consisted of two cycles
(2 + 2 h), at temperatures in the range 170–530 ◦C. However, the tempering temperature of 600 ◦C was
added to the experiments with flexural strength, in order to verify the behavior of this mechanical
quantity at tempering temperature that is located beyond the secondary hardness peak.

A NETZSCH DIL 402 C dilatometer (Netzsch, Selb, Germany) was used within the temperature
range of 20 down to −150 ◦C in order to estimate the martensite finish temperature of the Vanadis 6
steel austenitized at given austenitizing conditions.

The specimens for microstructural examinations were prepared using standard metallographic
grinding by a set of abrasive papers (with a grit of 180, 320, 600, and 1200) and polishing (by using
the 9, 3, and 1 μm diamond suspensions). Then, the specimens were etched with Villella-Bain
reagent (5 ml hydrochloric acid, 1 g picric acid in 100 ml of ethanol) for 10 s. For the material
microstructure examinations, a JEOL JSM 7600 F scanning electron microscope (SEM, Jeol Ltd., Tokyo,
Japan), operating at a 15 kV acceleration voltage was used. Microstructural examinations were coupled
with energy dispersive spectrometry (EDS), by using an EDS detector (Oxford Instruments, plc.,
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High Wycombe, UK). SEM micrographs were acquired in a combined 50:50 detection of secondary
electrons and backscattered electrons (BE). The reason was that the material contains eutectic carbides
(ECs), secondary carbides (SCs), and small globular carbides after application of abovementioned
heat treatment schedules. It has been proven recently that the ECs are represented by vanadium-rich
(more than 50 wt%V) MC particles, while the SCs are the M7C3 particles (with a high percentage of
chromium), and that SGCs were determined to be alloyed cementite [7]. This made it possible to
clearly differentiate between the ECs on the one side, and the SCs (and the SGCs) on the other side, by
strong differences in BE yield. Unfortunately, this categorization fails in differentiation between SCs
and SGCs as their BE yield is very similar. Therefore, the classification based on the particle size was
adopted to distinguish the ECs and the SGCs; the carbides finer than 0.5 μm were considered as the
SGCs while the coarser ones as SCs.

Determination of population density of carbide particles (categorized as above-described) was
carried out on twenty-five randomly acquired SEM micrographs for each specimen. Standard
magnification for acquisition of SEM images was 3000×. For better identification of SGCs additional
SEM micrographs, at a magnification of 7500×were recorded because some of these particles had a
size well below 100 nm. The acquisition of SEM images was coupled with EDS mapping of chromium
and vanadium, in order to clearly differentiate between the carbides, as above mentioned. The mean
values and the standard deviations of the obtained data were calculated.

The phase constitution of differently heat-treated specimens was determined by using X-ray
diffraction (XRD, Philips Analytical B.V., Almelo, The Netherlands) technique. A Phillips PW 1710
diffractometer with filtered CoKα characteristic radiation was used for this purpose. The diffracted
radiation was registered within a two-theta angle range of 30–127 deg. The retained austenite amounts
were determined following the appropriate ASTM E975-13 standard [28], taking the characteristic
peaks of both the martensite (α´) and the austenite (γ), namely (200)α´, (200)γ, (211)α´, and (220)γ into
the consideration. As reported recently [2,7], however, these peaks are often superimposed by the
characteristic peaks of carbides, which might influence the accuracy of the obtained results negatively.
Therefore, the analyses were coupled with Rietveld refinement of the obtained X-ray spectra before
computing the retained austenite amounts.

Hardness of differently heat-treated specimens was measured by using a Vickers indentation
technique, at a load of 98.1 N (HV 10), following the appropriate Czech standard [29]. A ZWICK 3212
hardness tester (Zwick-Roell, Ulm, Germany) was used. The distance between two adjacent indents
was kept minimum 5 mm, and the dwell time used for each indent was 15 s. Ten measurements were
done for each specimen. Then, both the mean values and standard deviations of measured values
were calculated.

10 by 10 by 100 mm bar specimens were used for flexural strength determination. Prior to
measurements the specimens were polished to a final surface roughness, Ra, between 0.05 and 0.07 μm.
This step is very important to obtain reliable results because it is known that the surface finish plays an
important role in this type of measurement, and differences in surface finish (in microns of Ra) can
influence the obtained flexural strength values within the range of hundreds MPa [30]. An Instron 8862
test device (Instron, Norwood, MA, USA) was used. Specimens were tested in three-point bending
configuration, at a loading rate of 1 mm/min, until the moment of fracture. The distance between
loading roller supports was 80 mm. The flexural strength R was calculated according to equation
(following the appropriate Czech standard [31])

R =
3FL
2bh2

[MPa] (1)

where F represents fracture force (maximum load on the load–deflection trace), L is distance of roller
supports in three-point bending, b is the specimen thickness, and h is the specimen height (dimension
in the direction of the acting load). In addition, the total work of fracture, Wof, and the plastic part of the
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work of fracture, Wpl, were evaluated from the corresponding area below the measured load-deflection
(load displacement) curve.

Reliable evaluation of fracture toughness of materials by plane strain fracture toughness requires
prior fatigue pre-cracking of the specimens in order to achieve a sharp and reproducible crack tip
geometry for testing. Therefore, pre-cracked specimens with 10 by 10 by 55 mm dimensions were used
for fracture toughness determination in the current work. Pre-cracking the samples was carried out after
the heat treatment. A resonance frequency machine Cracktronic 8024 (Russenberger Prüfmaschinen
AG, Neuhausen am Rheinfall, Switzerland) was used for this purpose, and the specimens were loaded
in four-point bending configuration. The crack development was monitored on both sides of the
sample using a digital long-distance microscope. Both the pre-crack preparation and the testing were
carried out at room temperature following the ISO 12137 standard [32]. In testing, the specimens were
loaded in three-point bending with a roller span of 40 mm, and at a loading rate of 0.1 mm/min. An
Instron 8862 machine (Instron, Norwood, MA, USA) was used. Specimen deflection was measured by
means of an inductive transducer integrated directly into the loading axis. Five samples were tested
for each investigated heat treatment (SZT, tempering) condition.

Fracture surfaces were analyzed by using the scanning electron microscope JEOL JSM 7600 F. SEM
micrographs were acquired in the secondary electrons detection regime, at different magnifications
enabling to study the micro-morphology of fracture surfaces. Particular attention has been paid to the
role of carbide particles in the fracture propagation.

3. Results and Discussion

The change in the length of the Vanadis 6 specimen after quenching from 1050 ◦C down to 20 ◦C
and immediate moving to the dilatometer, where the material was cooled down from 20 ◦C to −110 ◦C
is presented in Figure 1.

Figure 1. Dilatometry of Vanadis 6 steel after austenitizing at 1050 ◦C for 30 min, quenching to 20 ◦C,
and cooling from 20 ◦C down to −110 ◦C with a cooling rate of 10 K min−1.

The onset at the relative length curve is located at −45.8 ◦C. The inflection at the linear expansion
coefficient curve is at −43.1 ◦C. From these two values it can be summarized that the critical Mf

temperature of the Vanadis 6 steel lies at approximately −45 ◦C, it is thus higher than the selected
sub-zero treatment temperature.

SEM micrographs, Figure 2, show the microstructure of Vanadis 6 steel in the conventionally
heat-treated state (a), and after subsequent SZT at −75 ◦C for different durations (b–f). The matrix
and different carbide particles are the main microstructural constituents of the steel, irrespectively to
the heat treatment schedule used. The matrix is mainly martensitic, with certain amount of retained
austenite. The retained austenite is located in-between the martensitic laths as SEM micrograph in
Figure 2a illustrates. The carbides particles are the eutectic carbides, the secondary carbides, and small
globular carbides. The number and population density of both the ECs and the SCs are nearly constant
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within the range of heat treatment schedules used. Alternatively, the number and population density
of SGCs change with the duration of SZT; they increase substantially up to the 10 h duration of SZT,
Figure 2b,c, where the maximum population density of 233 × 103 mm−2 was achieved (Table 2), and
then decrease, Figure 2d–f.

g

 
Figure 2. SEM micrographs showing the microstructure of no-tempered steel after conventional heat
treatment (a), and after SZT at −75 ◦C for 4 h (b), 10 h (c), 17 h (d), 24 h (e), and for 48 h (f).

Table 2. Determined values of population density of small globular carbides for differently sub-zero
treated and tempered specimens.

Duration of SZT [h]
Tempering Temperature [◦C]

No 170 330 450 530

CHT 38.7 33.5 35.3 47.6 37.4
4 171.6 119.4 116.1 107.9 95.4
10 233.2 125.6 97.0 84.5 73.5
17 136.9 121.9 101.7 103.0 93.3
24 121.8 104.6 84.8 73.7 69.2
48 119.8 115.6 115.4 106.0 79.5

It is shown in Table 2 and in Figure 3 that tempering treatment always induces a reduction of
population density of SGCs. Despite that their population density remains two- to three-fold higher
than what is produced by conventional heat treatment. Finally, it should be mentioned that SZT
does not modify the amounts and population densities of ECs and SCs in Vanadis 6 steel as reported
recently [7,12]. The reason is that these carbides are stable up to much higher temperatures and thus
neither the SZTs nor the tempering do modify their quantitative characteristics.

30



Materials 2019, 12, 3827

 

Figure 3. Population density of small globular carbides for differently sub-zero treated (at −75 ◦C) and
tempered specimens.

A series of high-magnification SEM micrographs, Figure 4, depicts the microstructural alterations
of sub-zero treated (at −75 ◦C) steel with increasing the tempering temperature. The as-sub-zero
treated material microstructure contains the matrix formed by the martensite and retained austenite
and eutectic, secondary, and small globular carbides, Figure 4a. Tempering treatment modifies the
material microstructure as follows: The matrix manifests more pronounced sensitivity to the etching
agent, Figure 4b–e. This is reflected by extensive roughening of the originally smooth metallographic
surface, and thus by lowered distinctness of originally clearly visible matrix microstructural features
(martensite laths, retained austenite, grain boundaries etc.) obtained by austenitizing, quenching,
and sub-zero treatments, compare with Figure 4a. Mentioned changes can be ascribed to extensive
precipitation of nano-sized carbides. These carbide particles become visible after tempering at 450 or
530 ◦C, as tiny elongated formations, Figure 4d,e. At the same time the retained austenite disappears
from the microstructure because it was decomposed into either "secondary" martensite or bainite
during cooling down from the tempering temperature. Last but not the least, it should be noticed
the population density of both the ECs and the SCs are nearly unaffected by tempering while the
population density of SGCs decreases with tempering treatment, compare Figure 4a with micrographs
in Figure 4b–e, and see also Table 2. It should be noted that similar microstructural development was
detected also for the steel after SZT at −75 ◦C for other (shorter or longer) durations.

The dependence of the retained austenite amount on the tempering temperature for specimens
after sub-zero treatment at −75 ◦C for 17 h is in Table 3. The amount of γR was 7.6 ± 0.4 vol% in the
prior-to-tempering state. Tempering at low temperatures reduces the γR amount only moderately. In
contrast, tempering at higher temperatures results in either the significant reduction (450 ◦C) or in the
almost complete removal of the retained austenite.

Table 3. Retained austenite amount (in vol%) in Vanadis 6 steel after quenching followed by sub-zero
treatment at −75 ◦C for 17 h, no-tempered and tempered at different temperatures.

Tempering
Temperature [◦C]

No-Tempered 170 330 450 530

Retained austenite
amount [vol%] 7.6 ± 0.4 5.5 ± 0.1 4.6 ± 0.2 2.5 ± 0.1

Not
measurable
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Figure 4. High-magnification SEM micrographs showing the microstructure of SZT steel (for 17 h)
in the state after SZT (a), and after subsequent tempering at 170 ◦C (b), 330 ◦C (c), 450 ◦C (d), and
530 ◦C (e).

The γR amount in CHT specimens was around 20 vol% as reported recently [7,12]. The obtained
results imply that the SZT at −75 ◦C reduces the γR amount to approximately one third as compared
with the room temperature quenching. At the same time, however, it is worth to note that treatments
at −140 or −196 ◦C act more effectively in reduction of retained austenite; the γR amounts were
determined 4.3 and 2.1 vol% for steel that was SZT at −140 and −196 ◦C, respectively [7,12,26].

The prior-to-tempering hardness for conventionally (room temperature) quenched Vanadis 6 steel
was 875 ± 16 HV10, Figure 5. The hardness values of the steel after sub-zero treatment at −75 ◦C for
4, 17, and 48 h were 908 ± 30, 930 ± 10, and 925 ± 6 HV10, respectively. The obtained results, thus,
imply that the hardness of the Vanadis 6 steel is higher due to the sub-zero treatments at −75 ◦C, and
that the hardness improvement reaches the maximum for the material treated for the duration of 17
h. On the other hand, the hardness improvement is less significant than what was obtained by the
treatment at lower SZT temperatures, e.g. at −140 or −196 ◦C, where values exceeding 950 HV10 were
obtained [12,22].
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Figure 5. Hardness versus tempering temperature plots for conventionally heat-treated specimens and
for specimens after sub-zero treatments at −75 ◦C for different durations.

The hardness of conventionally quenched steel was 803, 768, 752, and 754 HV 10 after tempering at
temperatures of 170, 330, 450, and 530 ◦C, respectively. In other words, the hardness of conventionally
heat-treated steel first decreases with increasing tempering temperature, and then it is preserved, almost
constantly (at a level of 750 HV 10), when tempered at temperatures normally used for secondary
hardening. In contrast, the steel after application of sub-zero treatments manifested higher hardness
values, and this tendency was maintained up to the tempering temperature of 450 ◦C. The most
significant hardness improvement was recorded for the steel treated for 17 h. For the specimens
tempered at 530 ◦C, however, the hardness of sub-zero treated steel was lower than what was obtained
by CHT.

These results are in line with those obtained by investigations of tempering response of the
steel after SZT at −196 ◦C [12,20,21]. On the other hand, a strong variance between the tempering
responses of the steel treated at −75 ◦C and the steel treated at −140 ◦C is evidenced. For the latter SZT
temperature it has been reported recently that hardness of the material was improved significantly
within the whole range of tempering regimes used [22].

The flexural strength values obtained by three-point bend tests of samples having the
microstructures according to Figure 4 are shown in Figure 6. It can be seen that the mean values of
the flexural strength range between 3300 and 3700 MPa. The ranges of statistical uncertainty (at a
probability level of 5%) overlap noticeably, suggesting that the tempering has only marginal effect on
the flexural strength of SZT steel.

The work of fracture values of the steel tempered at 170, 330 and 450 ◦C lie within the range of
statistical uncertainty, Figure 6, suggesting that low-temperature tempering does not influence this
characteristic significantly. On the other hand, the work of fracture increases when the steel is tempered
at temperature 530 ◦C and above. This can be associated with hardness decrease (as indicated in
Figure 6), and thus with more extensive (compared to what occur during testing of specimens tempered
at lower temperatures) plastic deformation of the matrix.

It is also well visible that the Wof values follow closely the values of flexural strength, but only up
to the tempering temperature of 530 ◦C (peak of secondary hardness). For the specimens tempered at
600 ◦C, however, this relationship is no more valid. At this place it should be noted that the Vanadis 6
steel belongs to the group of brittle steels when tempered at temperatures up to the secondary hardness
peak; in these cases, the obtained values of flexural strength are an indirect measure of its toughness.
On the other hand, the flexural strength loses the characteristic of toughness when the hardness of
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the steel decreases. This is the case of "overtempering" of the steel, i.e., when the steel is tempered at
temperatures beyond the secondary hardness peak, for instance at 600 ◦C.

Figure 6. Flexural strength and work of fracture obtained by flexural three-point bend test for steel
with application of SZT at −75 ◦C for 17 h, and subsequent tempering.

Figure 7 is a compilation of SEM micrographs showing fracture surfaces of flexural strength
specimens that were sub-zero treated at −75 ◦C for 17 h and subsequently tempered at different
temperatures. With respect to the surface morphology, the fracture surfaces can be divided into two
groups. The fracture surfaces of the first group of specimens appear relatively flat, with only very
limited roughness caused by strong difference between the fracture behavior of the matrix and carbides,
Figure 7a–c. In contrast, the fracture surfaces (second group) of the specimens tempered at 530 and
600 ◦C (the latter one in particular) manifest much more pronounced indications of plastic deformation
of the matrix, Figure 7d,e. Here it should be noted that the steel hardness decreased (and the plasticity
expectedly increased) with increasing the tempering temperature, Figure 6. This correlates well with
the above-mentioned morphology of fracture surfaces. In other words, the fracture surfaces appear
relatively flat and shiny when the steel has higher hardness, but their topography increases with
hardness decrease (i.e., with increasing the tempering temperature).

Detailed SEM fractographs in Figure 8 clearly delineate the differences between the fracture
surfaces obtained by testing of specimens tempered at 170 and 600 ◦C. A relatively flat morphology of
the fracture surface with only very limited plastic deformation of the matrix is visible in Figure 8a. The
presence of micro-plastic deformation is only visible at the sites where decohesion at the matrix/carbide
interface took place during the crack propagation. The sites with local micro-plastic deformation are
located mainly in close vicinity to smaller carbides, which act as decohesion sites at the above-mentioned
interfaces. These carbides are denoted as decohesive carbides (DCs). Other carbide particles (the
coarser ones, in most cases) are cleaved, and they are denoted as "cleaved carbides, CCs". In contrast
to the fracture surface shown in Figure 8a the fracture of the specimen tempered at 600 ◦C manifests
much more pronounced plastic deformation, Figure 8b. However, the role of particular carbides in the
crack propagation is maintained and is almost the same as shown in Figure 8a.
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Figure 7. Representative SEM micrographs of the fracture surfaces of sub-zero treated specimens after
flexural strength testing, (a) tempered at 170 ◦C, (b) tempered at 330 ◦C, (c) tempered at 450 ◦C, (d)
tempered at 530 ◦C, and (e) tempered at 600 ◦C.

 

Figure 8. Detailed SEM micrographs of the fracture surfaces of sub-zero treated specimens after flexural
strength testing, (a) tempered at 170 ◦C and (b) tempered at 600 ◦C.

The obtained flexural strength values for differently sub-zero treated and tempered specimens are
summarized in Figure 9. It is shown that the treatment at −75 ◦C gave rather higher flexural strength
than the conventional heat treatment. This is somewhat surprising at first glance, since one would
expect a decrease in flexural strength rather than slight increase due to the application of SZT.
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Figure 9. Comparison of the obtained flexural strength values for differently sub-zero treated and
tempered specimens made of the Vanadis 6 steel.

To explain this, it should be noted that Vanadis 6 steel contains 20.2, 7.6 4.8, 2.1, and 6.3 vol %
of retained austenite after CHT, SZT at −75 ◦C, SZT at −140 ◦C, SZT at −196 ◦C, and SZT at −269 ◦C,
respectively (all the SZTs were carried out for 17 h duration) [12,26]. Retained austenite is considered a
soft microstructural feature, and one can expect its beneficial effect on toughness (and flexural strength).
This may, for instance, partly explain the better flexural strength of the conventionally heat-treated
material, as well as the material SZT at either −140 or −269 ◦C, than was obtained by SZT at −196 ◦C.
However, this does not bring an answer to the improvement of flexural strength by SZT at −75 ◦C,
compared to CHT steel. As mentioned above, sub-zero treatment at −75 ◦C produces a much higher
population density of small globular carbides than CHT, which in turn leads to the formation of an
increased number of matrix/carbide interfaces. The population density of small globular carbides
decreases with tempering, despite remaining much higher than what can be obtained by CHT. In the
steel samples with a higher population density of carbides, the crack propagation is more probably
associated with micro-plastic deformation of a matrix (as Figure 8 clearly demonstrates); hence, an
enhanced carbide count is an important factor responsible for improvements of flexural strength.

Finally, few words should be written to the fact that the treatments at either −140 or −269 ◦C lead
to nearly equal or slightly better flexural strength than what is obtained in the present study. It has
been reported recently that the treatment at −140 ◦C for 17 h results in the retained austenite amount of
around 4.3 vol% [22]. The latest measurements fixed the γR amount to 6.3 vol% in the Vanadis 6 steel
treated in liquid helium. This is two times (for −140 ◦C SZT) or three times (for −269 ◦C) more than
what was obtained by SZT at −196 ◦C, but only of approximately 60% or 85% in comparison with the
values reported here for SZT at −75 ◦C. One can thus expect rather opposite tendency with respect to
the changes of flexural strength; however, the treatment at −140 ◦C (for instance) produces the greatest
population density of SGCs, which more than fully compensates the toughness loss resulting from the
reduction of retained austenite.

The relation between fracture toughness and hardness, as a function of tempering temperature, is
in Figure 10. The of fracture toughness values were 13.76 ± 0.61, 17.60 ± 0.75, 16.40 ± 0.32, 15.35 ±
0.32, and 17.04 ± 0.15 MPa ×m1/2 for specimens prior-to-tempering, tempered at 170, 330, 450, and 530
◦C, respectively. The lowest KIC values were determined for prior-to-tempering specimens, which
had the highest hardness. This is logical because the hardness is the key factor that influences the
fracture toughness, and it is generally accepted that metals with high hardness usually manifest low
fracture toughness level, and vice versa [20,33]. The values of KIC and hardness that were obtained by
testing of tempered specimens do not obey this rule, however. It is for instance shown that the fracture
toughness is high for the steel tempered at 170 ◦C despite its high hardness. Further, the KIC decreases
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along with the hardness when the tempering temperature is increased, to either 330 or 450 ◦C. An
increase in KIC was recorded only for the steel tempered at 530 ◦C, but at lower a hardness value.

Figure 10. Fracture toughness versus hardness of the Vanadis 6 steel after SZT at −75 ◦C for 17 h, and
subsequent tempering.

The analysis of fracture surfaces provides a more comprehensive insight into the variations of
fracture toughness with tempering. Figure 11 is a compilation of representative SEM micrographs
of the fractured KIC specimens that were SZT at −75 ◦C and no-tempered or tempered at different
temperatures. The fracture surfaces of all the specimens manifest symptoms that are typical for hard
and brittle steels; they appear flat, shiny, and relatively smooth. However, more thorough investigation
reveals differences on the topography of fractured surfaces. The surface of no-tempered specimen
(Figure 11a) manifests much finer topography compared with the fractured surfaces of other specimens
(Figure 11b–e). This can be attributed to the differences in fracture toughness-no-tempered specimens
have the lowest KIC values, and tempering leads to moderate increase in this characteristic.

Detailed SEM micrographs in Figure 12 were acquired from the specimen that was not tempered
after sub-zero treatment. The image in Figure 12a assists in seeing that the fracture surface manifests
typical morphology for hard steel. It contains a great number of micro-voids and holes, which
correspond to extraction of SGCs (in particular) from the fracture surface during the crack propagation.
The formation of micro-voids is associated with local plastic deformation of the matrix. However,
the capability of the matrix to be deformed plastically is very limited, Figure 12b. There is a great
number of sites with cleavage fracture mechanism apparent in the matrix as Figure 12c illustrates.
The micrograph in Figure 12b also depicts the difference in behavior of carbides during the crack
propagation. Some carbide particles (mainly the coarsest ones) were cleaved while others assisted
the decohesion mechanism of the crack propagation. This is similar to what was discovered for the
flexural strength specimens, Figure 8.

37



Materials 2019, 12, 3827

 

Figure 11. Representative SEM micrographs of the fracture surfaces of sub-zero treated specimens
after fracture toughness testing, (a) no-tempered, (b) tempered at 170 ◦C, (c) tempered at 330 ◦C, (d)
tempered at 450 ◦C, and (e) tempered at 530 ◦C.

The role of particular carbides in the fracture propagation can be assessed with the help of recent
investigations. It has been published recently that the coarsest particles belong mostly to the group
of secondary carbides and that their nature is hexagonal M7C3 [7,11,12,22]. The finer particles are
either eutectic carbides (MC-carbides with cubic crystallographic structure) or small globular carbides
(cementite M3C) [7]. Casellas et al. clearly demonstrated that lower symmetry of the hexagonal
crystalline lattice (as compared with cubic MC phase) results in low fracture toughness of M7C3, and
correspondingly in large scatter of its values (0.5–4.5 MPa ×m1/2) [34]. Moreover, Fukaura et al. [35]
proved that the size of the carbides plays an important role in their fracture propagation manner,
namely that coarser particles are much more amenable to the cleavage than the finer carbides. In
Vanadis 6 steel, the mean spherical diameter of the M7C3 particles is of around 2.5–2.8 μm while the
MC carbides have size within the range 1.6–1.9 μm [26]. The size of small globular carbides, SGCs, is
even much smaller, below 0.5 μm. These facts assist to delineate the role of different carbides in fracture
propagation as Figure 12 illustrates. Larger size and crystallographic anisotropy of M7C3 make this
carbide more brittle than the MC (or M3C), despite that the hardness of M7C3 is lower than that of
MC [34]. This is why the most part of cleaved carbides are the SCs (M7C3) while dominant number of
ECs (and almost all the SGCs) is unaffected by the crack propagation, thus, assisting decohesion at the
matrix/carbide interfaces.
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Figure 12. SEM images showing details of fracture propagation in sub-zero treated and no-tempered
fracture toughness specimen, (a) detailed image showing the crack propagation in the matrix
and the three main carbides including their role in fracture propagation, (CCs—cleaved carbides,
DCs—decohesive carbides, PLD—plastic deformation in the matrix, CL—cleaved matrix), (b)
high-magnification image showing cleaved M7C3 (CCs, secondary carbide), and decohesive particles
that belong to eutectic carbides (DCs, eutectic carbides) and small globular carbides, and (c)
high-magnification image showing cleaved matrix region (CM) and small dimples resulting from the
extraction of small globular carbides.

The second series of detailed SEM micrographs, Figure 13, depicts the details of fracture
propagation in the specimen that was sub-zero treated and subsequently tempered at 530 ◦C. It
is worth noting that the fractured surfaces of specimens tempered at other temperatures did not
differ significantly from that in Figure 13. Compared to the fracture surface of prior-to-tempering
specimen, Figure 12, the fracture surface of the tempered one contains much greater area fraction of
micro-plastically deformed matrix, Figure 13a. Further, there are cleaved carbides (CCs) and decohesive
carbides present.

High-resolution SEM micrograph in Figure 13b shows details of cleaved secondary carbides (CCs)
and decohesive eutectic carbide particles (ECs), suggesting that the role of particular carbides in the
fracture propagation is very similar to the case of the prior-to tempering specimen, see Figure 12. In
other words, the difference in fracture toughness (13.76 ± 0.61 MPa ×m1/2 for the prior-to tempering
steel versus 17.04 ± 0.15 MPa ×m1/2 for the steel tempered at 530 ◦C) does not play a significant role
in the fracture propagation mode of carbide particles. In contrast, mentioned difference in fracture
toughness values is reflected in the matrix behavior. As Figure 13c illustrates, the fracture propagation
on the matrix is associated with micro-plastic deformation, and the cleavage takes only a minor role.

The differences in the fracture toughness, and correspondingly in the morphology of fracture
surfaces of differently tempered specimens can be explained considering the material microstructure.
Table 3 shows that the examined steel contains 7.6 ± 0.4 vol% of retained austenite in the
prior-to-tempering state. The retained austenite is relatively soft, thus prone to plastic deformation.
For instance, Putatunda [33] reported that the retained austenite has beneficial effect on the fracture
toughness of high-carbon steels. However, the Vanadis 6 steel also contains high amount of hard
and brittle "pre-aged" martensite in the prior-to-tempering state (it is worth noting that aging
of the martensite in sub-zero treated high-carbon steels was many times experimentally proved,
e.g. [14,15,26,36]), which makes the steel brittle. Berns and Broeckmann [1], Das et al. [19], and
Ptačinová et al. [21] found out that the crack has a strong tendency to follow the interfaces between
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matrix and carbides when propagates during testing of ledeburitic steels. As a result, a micro-plastic
deformation of the matrix occurs, which slightly improves the fracture toughness. Nevertheless,
beneficial effects of retained austenite and increased population density of carbides cannot compensate
the high brittleness of pre-aged martensite, hence, the material manifests very low fracture toughness
as a consequence. Finally, it should be underlined that this finding is in line with the obtained results
on the same steel, but processed at different SZT temperatures as Figure 14 illustrates. Finally, it should
be underlined that this finding is in line with the obtained results by the KIC testing of the same steel
that was processed at other SZT temperatures as Figure 14 illustrates.

 

Figure 13. SEM images showing details of fracture propagation in sub-zero treated and subsequently
tempered (at 530 ◦C) fracture toughness specimen, (a) detailed image showing the crack propagation in
the matrix and the three main carbides including their role in fracture propagation, (CCs—cleaved
carbides, DCs—decohesive carbides, PLD—plastic deformation in the matrix), (b) high-magnification
image showing cleaved M7C3 (CCs, secondary carbide), and decohesive particles that belong to eutectic
carbides (DCs, eutectic carbides), and (c) high-magnification image showing micro-plastic deformation
of the matrix (MPD) and small dimples resulting from the extraction of small globular carbides.

Tempering reduces the material hardness, Figure 5, and one can thus expect increase of fracture
toughness. Increased fracture toughness was really recorded for sub-zero treated and subsequently
tempered steel specimens, Figure 10. The clarification of this issue is relatively complex: On one hand
the amount of soft retained austenite is either moderately reduced (for the steel tempered at 170 or 330
◦C) or this phase is almost completely removed (after application of higher tempering temperatures),
Table 3. Also, tempering reduces the population density of small globular carbides, Table 2, Figure 3.
On the other hand, the martensite undergoes significant softening, which makes it more amenable to
deform plastically. The resulting fracture toughness values are then a result of competition between
mentioned three phenomena. The increase of KIC values can be mainly ascribed to the martensite
softening as this phase is the major one in the material. Increase in fracture toughness is reflected in
more pronounced topography of fractured surfaces (and in more visible dimples on fracture surfaces
at the same time), compare Figure 11a with Figure 11b–e, or Figure 12 with Figure 13.

Very interesting comparison of the current results with those obtained by testing of CHT steel and
the steel that was subjected to SZT at −140, −196, or −269 ◦C is provided in Figure 14. It is shown that
the SZT at −140 ◦C gave the best results that are fully comparable with conventionally heat-treated
steel, but at significantly increased hardness as reported in [22]. Treatments at either the temperatures
of boiling nitrogen or helium resulted rather in lower fracture toughness values.
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Figure 14. Comparison of the obtained fracture toughness values for differently sub-zero treated and
tempered specimens made of the Vanadis 6 steel.

A reliable explanation of the variations in fracture toughness is very complex issue. In brief, the
resulting fracture toughness value of ledeburitic tool steels is always a result of competition between
three effects: i) retained austenite amount, which undoubtedly acts in favor of higher KIC, ii) state of the
martensite (KIC decrease), and iii) population density of small globular carbides (increase of KIC) [22].
CHT steel contains of around 20 vol% of the retained austenite in the prior-to-tempering state, and the
retained austenite amount is nearly constant up to the tempering temperature of 500 ◦C [12]. Even
though the population density of SGCs is very low in CHT steel (as compared with the steel after
SZTs) it is more than satisfactorily compensated by the retained austenite amount. Application of SZTs
reduces the retained austenite amount considerably (with the minimum value for SZT at −196 ◦C) and
increases the population density of SGCs (with the maximum for the SZT at −140 ◦C). The results in
Figure 14 imply that the reduction of retained austenite is almost fully compensated by much higher
population density of SGCs for the steel after SZT at –140 ◦C while other SZTs do not lead to high
enough population density of carbides needed to compensate the impact of reduced retained austenite
amount on the resulting KIC value.

Finally, it should be noted that these considerations do not take into account the state of the
martensite. In the state after CHT (and prior-to-tempering) the martensite was found to be "pre-aged",
but it did not contain any carbide precipitates [7]. In contrast, the martensite after SZTs contained
nano-sized, coherent transient carbides ([12,26]. However, it is hard or practically impossible to
provide an exact assessment of the difference between impacts of these two martensite states on
the fracture toughness of the steel since it also contains the retained austenite and several carbide
types. The situation is very similar in the case of tempered steel Vanadis 6 because tempering leads to
acceleration of precipitation rate at low-tempering temperatures but rather to delayed precipitation
at high temperatures (around 500 ◦C) [11,12,26]. But, an exact quantification of precipitates is
almost impossible.

4. Conclusions

The impact of sub-zero treatment at the temperature of −75 ◦C and subsequent tempering on
the microstructure, hardness, flexural strength and fracture toughness was investigated. The main
obtained results can be summarized as follows:

• The population density of small globular carbides is increased by application of SZT at −75 ◦C, by
the factor from the range 2.5 and seven.
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• Retained austenite amount is reduced by this kind of treatment, to an approximately one third as
compared with conventional room temperature quenching.

• Third bullet
• The bulk hardness of the steel is increased by SZT at −75 ◦C, by 30–60 HV10. Improved steel

hardness is maintained up to the tempering temperature of 450 ◦C while tempering at 530 ◦C leads
to more significant hardness reduction than what is obtained by conventional heat treatment.

• The flexural strength of SZT steel ranges between 3300 and 3700 MPa. The level of tempering
temperature has only little impact in the flexural strength.

• The fracture toughness of sub-zero treated no-tempered steel is very low. However, it increases
with the tempering application, and reaches relatively high values of around 17 MPa ×m1/2 after
tempering to the secondary hardness peak.

• In summary, the application of SZT at −75 ◦C may bring some benefits into heat treatment of tool
steels. However, the obtained microstructures and values of mechanical properties are lower as
compared, for instance, with those obtained by treatment at −140 ◦C.
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21. Ptačinová, J.; Sedlická, V.; Hudáková, M.; Dlouhý, I.; Jurči, P. Microstructure Toughness relationships in
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Abstract: Conventional carburizing has disadvantages, such as high energy consumption, large
deformation of parts, and an imperfect structure of the carburizing layer. Hence, a rare earth ion
pre-implantation method was used to catalyze and strengthen the carburized layer of 20Cr2Ni4A
alloy steel. In this study, X-ray diffraction (XRD), X-ray photoelectron spectroscopy (XPS), optical
microscopy (OM), scanning electron microscopy (SEM), energy dispersive microanalysis (EDS),
transmission electron microscopy (TEM), and Rockwell/Vickers hardness testing were used to
analyze the microstructure, phase composition, retained austenite content, hardness, carburized layer
thickness, and carbon diffusion. The results showed that lanthanum and yttrium ions implanted into
the 20Cr2Ni4A steel formed solid solutions of rare earth ions and a large number of dislocations,
which improved the diffusion coefficient of carbon elements on the carburized surface and the
uniformity of the carbon distribution. Simultaneously, rare earth ion implantation improved the
structure and hardness of the vacuum carburized layer. Compared to the lanthanum ion implantation,
yttrium ion implantation caused the structure of the carburized layer to be finer, and the carbon
diffusion coefficient increased by 1.17 times; in addition, the surface hardness of the carburized layer
was 61.8 HRC.

Keywords: 20Cr2Ni4A; vacuum carburizing; ion implantation; rare earths; catalysis; carbon
diffusion; microstructure

1. Introduction

Since 20Cr2Ni4A alloy steel has excellent surface properties after carburization, it has been widely
used for gears and bearings in heavy-duty equipment that is frequently exposed to harsh conditions,
such as heavy loads, elevated working temperatures, high frequency vibrations, and high rotational
speeds [1,2]. Hence, failures such as wear, pitting, and contact fatigue damage, are more likely to
occur on the surface of gears and bearings [3–5]. Vacuum carburization, as a surface strengthening
method, plays an important role in the process of obtaining excellent comprehensive mechanical
properties of 20Cr2Ni4A alloy steel. Vacuum carburization is a rapid process in which acetylene
is injected into a high-temperature furnace in pulsed mode under low pressure and vacuum [6–8].
However, vacuum carburizing still has its disadvantages, such as a high carburizing temperature, a
long carburizing cycle, an uneven structure, and coarse carbide particles. Studies showed that the
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introduction of rare earth (RE) ions in the carburizing heat treatment of steel or other parts reduces the
treatment temperature and increases the carbon activity and the carbon diffusion coefficient during the
carburization process; it can also improve the structure of the carburized layer [9,10]. Yan et al. [11,12]
studied the effect of an RE catalyst on the gas carburizing kinetics of steel and found that compared
to the conventional gas carburizing process, the incorporation of an RE led to an obvious increase in
layer depth and carbon concentration profile, under the same carburizing conditions. The diffusion
coefficient and transfer coefficient increased by 50% and 117%, respectively. Dong et al. [13] used
RE ion implantation to assist vacuum carburizing of 12Cr2Ni4A steels. The results showed that the
addition of RE elements obviously improved the hardness of the carburized layer and decreased the
hardness gradient. Moreover, the structure of the carburized layer was compact, and the carbides were
fine and dispersed.

Ion implantation is a modern material surface modification technology that has become increasingly
common for changing the characteristics and properties of metal materials [14]. It can selectively
improve the wear resistance, corrosion resistance, oxidation resistance, and fatigue resistance of the
material surface by implanting a small amount of metal ions without changing the original properties
of the material substrate [15–17]. In recent years, ion implantation of lanthanum and yttrium has
been mainly focused on enhancing the corrosion resistance, high-temperature oxidation resistance,
and biocompatibility of pure metals or alloys [18–20]. Xu [21] discovered a significant improvement
in the aqueous corrosion resistance of zircaloy-4 by yttrium ion implantation, compared to that of
the as-received zircaloy-4. Wang [22] obtained the same conclusion upon exploring the lanthanum
ion implantation into a zirconium alloy. Darwin et al. [23] found that ion implantation of lanthanum
significantly improved the high-temperature oxidation resistance of an Fe80Cr20 alloy and developed a
promising interconnection metal material for planar-type solid oxide fuel cells, namely, Fe80Cr20 60h-La.
The co-implantation of yttrium and carbon ions enhanced the wear resistance of H13 steel, which was
shown by an increase in the microhardness of 60%–170% and a wear resistance of 2–3 times [24].

However, there have been only a few studies on the application of REs for vacuum carburizing
of alloy steel, and the detailed structure and surface properties of the carburizing layer have seldom
been analyzed. Thus, to meet the surface property requirements of 20Cr2Ni4A alloy carburized steel,
ion-implanted lanthanum and yttrium were used to improve the hardness and surface properties. Due
to the large radius of REs, substantial lattice damage and high-density structural defects are produced in
the alloy steel matrix during the process of ion implantation. After carburizing, the surface analysis was
studied in detail by X-ray photoelectron spectroscopy (XPS), transmission electron microscopy (TEM),
X-ray diffraction (XRD), scanning electron microscopy (SEM), and optical microscopy (OM). In addition,
the Rockwell and Vickers hardness tests were used to evaluate the hardness of the carburized layer on
three different treated samples. Lastly, the catalysis mechanism and the strengthening mechanism of
REs during carburization are discussed.

2. Materials and Methods

The parent material of the 20Cr2Ni4A alloy steel (0.17 wt% C, 0.25 wt% Si, 0.45 wt% Mn, 1.45 wt%
Cr, 3.48 wt% Ni, and 0.01 wt% Mo) was cut into samples with dimensions of 15 mm × 15 mm × 15 mm.
Before ion implantation, these samples were polished with a series of silicon carbide (SiC) abrasive
papers with grits of 600# to 2000#, polished with a W3.5 diamond paste and finally ultrasonically
cleaned with anhydrous alcohol, for 10 min. Lanthanum and yttrium with 99.99% purity were
implanted with a metal vapor vacuum arc (MEVVA) ion source (Shanghai Kingstone Semiconductor
Joint Stock Limited Company, Shanghai, China) at the Institute of Low Energy Nuclear Physics in
Beijing Normal University (China). The parameters of the ion implantation process are shown in
Table 1. Vacuum carburization was carried out after ion implantation of the REs. Vacuum carburization
was carried out for 5 hours in a vacuum environment (1 × 10−5 Pa) with a carbon potential of 1.2% and
a temperature of 920 ◦C. To promote the uniform diffusion of carbon atoms, C2H2 and N2 were injected
alternately for 25 pulse cycles. Five hours after carburizing at 920 ◦C, high temperature tempering at
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650 ◦C for 3 hours promoted the precipitation of carbides and the decomposition of retained austenite;
then oil quenching at 820 ◦C was done to improve the hardness and toughness of the material; finally,
low temperature tempering was carried out at 180 ◦C for 3 hours, to eliminate the internal stress of the
sample. The whole heat treatment process was completed on the vacuum carburization automatic
production line (ECM Technologies, Grenoble, France).

Table 1. Parameters of ion implantation before carburization.

Sample Implanted with La Implanted with Y

Vacuum level (Pa) 3.5 × 10−3 3.5 × 10−3

Ion energy (Kev) 100 105
Implantation dose 2 × 1017 ions/cm2 2 × 1017 ions/cm2

Temperature (◦C) Room temperature Room temperature
Element La Y

The chemical characterization of the implanted surface and the depth profile of the element
content distribution of the samples, with depth, were performed by XPS (Thermo Scientific Escalab
EI+) (Thermo Fisher Scientific, Waltham, MA, America) using a monochromatic Al radiation source
(energy = 55 eV). The acceleration voltage of argon ion etching was 4 kV, and the rate was 5 nm/min.
The binding energy of elements was normalized to 284.8 eV of carbon. To illustrate the crystal structure
defects of the implantation area after ion implantation, the surfaces of the implanted samples were
observed using TEM (JEM-2010) on an instrument equipped with energy dispersive spectroscopy
(EDS) (JEOL, Tokyo, Japan). The TEM samples for surface observation by ion implantation were
prepared according to the following procedure. Thinning samples were bonded to silicon wafers using
epoxy resin glue. Then, the sample were sliced vertically along the plane of the implanted surface and
machined to a thickness of about 10 μm. Finally, the samples were ground by Gatan 691 ion thinner
(Gatan, Pleasanton, CA, USA) at a small incident angle between 8◦and 3◦.

The phase composition was studied by XRD (D8 Advance, Bruker AXS, Karlsruhe, Germany,
Cu Kα1 = 1.5406 Å) at 40 kV and 40 mA, with an incident angle of 0.5◦, after ion implantation and
vacuum carburizing. The scanning speed and angle range were 1◦/min and 10◦–90◦, respectively. The
penetration depths of X-ray was estimated to be 26 nm at incident angles of 0.5◦ [25]. Considering the
maximum concentration distribution depth of the two implanted ions at 20–25 nm, 0.5◦ was chosen
as the incident angle of the XRD test after carburization. The content of the retained austenite was
determined with an X-350A X-ray stress analyzer (ST Stress Technology Co., Ltd., Handan, China).
The surface morphology and phase structure of the samples were observed by Optical Microscope
(OM) (Olympus, Tokyo, Japan) and a Nova NanoSEM50 environmental SEM (FEI, Hillsboro, OR, USA)
equipped with EDS (OXFORD, Oxford, England) was also used. The corrosive fluid for OM comprised
an alcohol solution containing 4% nitric acid (volume fraction). To obtain the effective case depth of
the carburized layer, according to the GB/T 9450-2005 standard, Vickers hardness testing was used
to determine the longitudinal section hardness of the samples under a 1 kgf (HV1) load, and each
hardness value was the average of three measurements. In the Vickers hardness testing, the distance (S)
between two adjacent indentation centers should not be less than 2.5 times of the indentation diagonal
and the distance difference between successive adjacent indentation centers and part surfaces (a2–a1,)
should not exceed 0.1 mm, as shown in Figure 1. The load time of the apparatus was 15 seconds. The
Rockwell hardness of the surface and the core of the samples was measured by a Rockwell hardness
tester (Shjingmi, Shanghai, China), and each hardness value was the average of five measurements.
For the carburized surface, the depth of Rockwell indenter was about 0.08 mm; for the center, the
depth of the Rockwell indenter was about 0.14 mm. The carbon element distribution on the surface
of the carburized layer was determined by an electron probe microanalyzer (EPMA-1720, Shimadzu,
kyoto, Japan). The test parameters were as follows—acceleration voltage, 10 kV; electron beam current,
200 nA; beam spot, 20 um; and test time, 20s.
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Figure 1. Locations of the hardness indentations.

3. Results

3.1. Calculation of the Implanted Ion Range

The SRIM is commonly used to simulate the ion sputtering process [26]. In this case, the ion range
of all implanted ions in the simulation was calculated using dynamic simulation (TRIM) [27]. The
impurity distributions of lanthanum and yttrium ions at ionic energies of 100 Kev and 105 Kev were
simulated by TRIM. The results are shown in Figures 2 and 3, respectively. As shown in Figures 2a
and 3a, each time an implanted ion collided with a target atom, a vacancy (lines of red dots) would be
created, which would cause cascade damage (clusters of green dots) of the target atoms in steel. As
shown in Figures 2b and 3b, the maximum ionic ranges of lanthanum and yttrium were 50 and 60 nm,
respectively, and both had a normal distribution, which was consistent with the XPS results. Figures
2c and 3c show the ionization distribution in which lanthanum and yttrium ions lose their energy in
steel samples, and it was observed that the host lattice arrangement of steel was damaged during the
implantation of lanthanum and yttrium ions (Figures 2d and 3d).

Figure 2. TRIM simulation of lanthanum ion implantation for the (a) ion beam pattern, (b) ion ranges,
(c) ionization distribution of ions, and (d) collision events.
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Figure 3. TRIM simulation of yttrium ion implantation for the (a) ion beam pattern, (b) ion ranges,
(c) ionization distribution of ions, and (d) collision events.

3.2. Chemical Composition and Structure of the Implanted Surface Layer

Figure 4 shows the XPS spectra of the samples after La and Y ion implantation, where contaminants
on the surface were removed by Ar+ etching for 1 minute. Figure 4a,c show the full XPS spectra, which
indicate that there are iron, oxygen, carbon, and silicon on the implanted lanthanum and yttrium
surfaces, respectively. Compared with the binding energy of the standard absorbed carbon of 284.8 eV,
the surface energy of the absorbed carbon in this study was 285.2 eV, which was 0.4 eV higher than that
of 284.8 eV. The adjusted XPS data of La and Y are separately illustrated by Figure 4b,d respectively.
Figure 4b shows the La 3d surface XPS spectrum. The three peaks correspond to La 3d3/2 (851.5 eV)
and La 3d5/2 (835.1 eV). The spin-orbit splitting value was 16.4 eV, which clearly suggest a typical
La2O3 pattern [28]. The phenomenon was also observed by Jin et al. [29]. Figure 4d shows the Y 3d
XPS spectrum, and the peaks at 158.0 eV and 155.9 eV correspond to the Y–Y bond, and the peak at
157.4 eV corresponds to Y2O3. Consequently, this result illustrate that lanthanum mainly exists as
oxides, while yttrium exists as oxides and metallic Y in the RE implanted layer.

Figure 5 shows the depth profiles of the element content distribution of lanthanum and yttrium
ion implantation samples from the XPS tests. Figure 5a,b show that the concentration of lanthanum and
yttrium in the ion implantation layer present a normal distribution trend, and the peak concentration
distributions are at depths of approximately 15 and 25 nm, with concentrations of 22.9 wt% and
21.2 wt%, respectively.
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Figure 4. XPS spectra of sample surfaces—(a) survey spectrum and (b) La 3d spectrum of implanted
La; (c) survey spectrum and (d) Y 3d spectrum of implanted Y.

Figure 5. Depth profiles of element content distribution obtained by XPS—(a) lanthanum implantation
result and (b) yttrium implantation result.

As shown in Figure 6, due to the larger radius of rare earth and the internal stress introduced by
ion implantation [30], all three diffraction peaks of α-Fe shift to the left and the peak intensity increased,
which meant that the lattice distortion occurred on the surface of the implanted matrix, according to
the Bragg equation [31].

Figure 7 shows the TEM image of the surface layer of the samples, with and without ion
implantation. It can be observed from Figure 7a,b that that there are some crystal defects in the
20Cr2Ni4A matrix, such as dislocation entanglement and dislocation grid, which form a stable defect
network. The RE ion implantation caused lattice damage to the body-centered cubic (BCC) Fe matrix.
From the observation of Figure 7c–f, the matrix implanted with rare earth ions forms high density
dislocation entanglement compared to that of the non-implanted sample. Especially after yttrium
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ion implantation, the matrix was almost full of high-density dislocations, which accumulated and
tangled [30].

Figure 6. XRD patterns of the implanted surface with and without rare earth (RE) implantation—(a) XRD
spectra; (b) diffraction angle of the (110) peak; (c) diffraction angle of the (200) peak; and (d) diffraction
angle of the (211) peak.

Figure 7. TEM observation of non-carburized samples after ion implantation—(a,b) non-implanted
sample; (c,d) lanthanum-implanted sample; and (e,f) yttrium-implanted sample.
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3.3. Phase and Microstructure of the Carburized Layer After Ion Implantation

The phase on the surface of the carburized samples was measured by XRD, as shown in Figure 8.
The carburized layers of the three samples are composed of a martensite phase with a body-centered
cubic (BCC) structure and retained austenite with a face-centered cubic (FCC) structure. Due to the
limitation of the phase detection spatial resolution with XRD, there are no diffraction peaks from
lanthanum and yttrium. However, it was found that the strongest diffraction peaks from the lanthanum
and yttrium-implanted samples shift to the left by 0.26 and 0.20 degrees, respectively, compared with
that of the non-implanted sample. The other two peaks of martensite migrated to the left at the same
time. In addition, the intensity of all crystal planes after lanthanum and yttrium implantation were
stronger than those from the non-implanted sample. X-ray stress analyses also revealed that the content
of the retained austenite in the carburized layer decreased slightly with the implantation of RE ions, as
shown in Table 2.

Figure 8. XRD spectra of the carburized layers of the three samples—(a) XRD spectra; (b) diffraction
angle of the (110) peak; (c) diffraction angle of the (200) peak; and (d) diffraction angle of the (211) peak.

Table 2. Retained austenite content in the carburized surface layer of the three samples by XRD.

Sample Non-Implanted Lanthanum-Implanted Yttrium-Implanted

Retained austenite 16.7% 15.6% 14.2%

In this section, the microstructures of the carburized layers of different samples carburized in
vacuum for 5 hours at 920 ◦C are discussed. Figure 9a,c,e show the layers from conventional carburizing
and carburizing with REs lanthanum and yttrium, respectively. Figure 9a shows that the microstructure
of the carburized layer was composed of a martensite matrix, and granular carbides were dispersed in
it and retained austenite, which were not transformed into martensite. However, ultrafine acicular
martensite and fine dispersed grain carbides were obtained in the carburized layer after the ion
implantation of lanthanum and yttrium, as shown in Figure 9c,e, respectively. Figure 9b,d,f show that
the core microstructures of the three samples were tempered martensite and free ferrite. According to
the GB/T 25744-2010 metallographic standard, the core microstructures of the non-implanted sample
were equivalent to grade 4, while those of the samples with RE ion implantation were equivalent to
grade 3.
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Figure 9. Microstructure of the carburized layer on the three samples—(a) carburized surface layer
without RE; (b) core after carburizing without RE; (c) carburized surface layer after La implantation;
(d) core after La implantation; (e) carburized surface layer after Y implantation; and (f) core after
Y implantation.

In addition, the SEM images of the carbides in the carburized layer and their corresponding size
and distribution histograms are shown in Figure 10. Figure 10a shows that the majority of the carbides
are granular and unevenly distributed in the interstices between the martensites and are accompanied
by large diameter bar carbides. However, compared to that in the non-implanted layer, the carbide
distribution in the carburized layer of the sample after ion implantation was finer and more uniform.
Among the non-implanted and implanted layers, the carbides implanted with yttrium were the finest.
The EDS measurements of the carbide particles in the three samples showed that the carbides were
mainly composed of carbon, iron, chromium, nickel, and manganese, while lanthanum and yttrium
were found in the carbides in the ion-implanted samples. The size distribution of the carbide particles
was estimated by using Nano Measurer 1.2 software and Gaussian fitting (v1.2, Wan An Intelligent
Technology, Wuhan, China). At least 150 particles were counted from each SEM image. The carbide
particles in SEM photos were labeled and statistical reports were derived [32]. The average diameter
of carbides on the surface of the non-implanted samples was 0.35 μm. Among them, 81.2% of the
carbides were within 0.6 μm in diameter, and the length of a portion of the large strip carbides was
more than 5 μm. However, the average diameters of the carbides on the surface of the carburized layer
after ion implantation of lanthanum and yttrium were 0.25 and 0.17 μm, respectively. The diameters of
most carbides were from 0.1 to 0.3 μm. The results showed that ion implantation of the REs reduced
the particle size of carbides on the carburized layer surface. The effect of yttrium ion implantation
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was better than that of the lanthanum ion implantation because yttrium implantation resulted in a
minimum particle size of 0.06 μm and a maximum particle size of 0.36 μm. In other words, RE ion
implantation pretreatment played an important role in refining the structure of the carburized layer
and promoting the dispersion of the fine carbide precipitates.

Figure 10. Diameter of the granular carbides in the carburized surface layer—(a) carbide morphology
and energy dispersive spectroscopy (EDS) results without RE and (b) its carbide diameter distribution;
(c) carbide morphology and EDS results with La implantation and (d) its carbide diameter distribution;
(e) carbide morphology and EDS results with Y implantation, and (f) its carbide diameter distribution.

3.4. Hardness Distribution and Effective Hardening Depth of the Carburized Layer

Figure 11 shows the results of the Rockwell hardness measurements. The surface Rockwell
hardness of the non-implanted sample was 58.3 HRC, and the hardness of RE-implanted samples
was higher than the previous value, especially samples with the yttrium addition. After vacuum
carburization, the Rockwell hardness of the yttrium-implanted sample increased to 61.8 HRC at the
subsurface layer; this value was higher than that of the lanthanum-implanted sample (60.5 HRC). In
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contrast, the core hardness value did not change significantly. The smaller error bar value indicated
that there was no significant difference in the range of surface hardness.

Figure 11. Rockwell hardness of the carburized layer and the core of the three samples.

Figure 12 shows the microhardness results of the samples after carburization, with and without
the RE ions. The fluctuation of the error bars were not more than 25 HV1. It could be seen that
the microhardness of the carburized layer after RE ion implantation was higher than that treated by
conventional vacuum carburization at 920 ◦C, and the change in the hardness gradient was minor. The
maximum hardness of the carburized layer after ion implantation of lanthanum and yttrium occurred
at 0.1 mm and 0.2 mm from the surface and was 805 HV1 and 822 HV1, respectively, which was higher
than the value of 778 HV1 at 0.2 mm from the surface, after conventional carburizing. Osman Asi
suggested that the enhancement in hardness was mainly caused by the diffusion of carbon atoms [33].
According to the GBT 9450-2005 standard, the effective hardening depths of the non-implanted,
La-implanted, and Y-implanted samples were 1.36 mm, 1.44 mm, and 1.47 mm, respectively, as shown
by the arrows in Figure 12. RE ion implantation increased the hardness of the carburized layer of
the 20Cr2Ni4A steel but did not cause a significant increase in the depth of the effective hardened
layer. Hence, the results showed that the microhardness of the carburized layer obtained by vacuum
carburizing with yttrium was the highest, and the change was the most uniform among the samples
considered herein.

Figure 12. The microhardness distribution of the carburized layer along the depth direction.

3.5. Calculation of the Carbon Diffusion Coefficient

As can be seen from Figure 13, the carbon concentration on the carburized surface without ion
implantation was about 0.84%, and the carbon concentration varied unevenly. After ion implantation,
the carbon content on the carburized surface reached more than 0.9%, and the carbon concentration
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gradient changed more gently. The hardness gradient distribution of the three carburized specimens
was approximately the same as that of the carbon element distribution measured by the EPMA.

Figure 13. Carbon concentration along the depth of the carburized layers.

During the vacuum carburization process, acetylene gas was the carbon source. The diffusion
of carbon atoms followed Fick’s second law and was considered a one-dimensional plane diffusion
phenomenon. If the diffusion coefficient did not change with the carbon concentration (or average
diffusion coefficient), the carbon concentration distribution in the infiltration process satisfied
Equation (1) [12]:

∂c(x, t)
∂t

= D
∂2c(x, t)
∂x2 (1)

where c(x, t) is the volume concentration of carbon, x is the distance from any point in the sample to
the surface of the sample, t is the diffusion time, and D is the carbon diffusion coefficient.

With the extension of the carburizing time, the carbon concentration cs on the steel surface
gradually increased from the original carbon content c0 to a constant level and was in equilibrium
with the carbon potential cp of the furnace gas, which indicated that it had entered the stage of
carbon diffusion. At the beginning of the carburization process, the initial and boundary conditions
of Equation (1) were marked as c0 = (x, 0) and cs = (0, t). The solution of Fick’s second law, which
provided the curve of the carbon diffusion concentration, was as Equation (2):

cx − c0

cs − c0
= 1− er f

(
x/2
√

Dt
)

(2)

where erf (x/2
√

Dt) is the error function. When the specified value of cx was higher than c0.35%, the
obtained depth of the hardened layer could be described as Equation (3):

x = 2K
√

Dt (3)

where K is a constant (constant carbon potential).
Therefore, based on the depth of the carburized layer shown in Figure 12, when the carburizing

temperature and time were the same, the diffusion coefficient relation of the carburized layer with or
without RE ions could be obtained by Equation (3), as shown in Equations (4) and (5):

1.44/1.36 =
√

DLa
920◦C/D920◦C (4)

1.47/1.36 =
√

DY
920◦C/D920◦C (5)
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where D920◦ , DLa
920◦ , and DY

920◦ are the carbon diffusion coefficients of 20Cr2Ni4A steel without ion
implantation and with lanthanum or yttrium implantation before vacuum carburizing, respectively.
Finally, the relations were shown in Equations (6) and (7):

DLa
920◦C/1.12D920◦C (6)

DY
920◦C/1.17D920◦C (7)

In short, the carbon diffusion coefficients after lanthanum and yttrium implantation were 1.12 and
1.17 times higher, respectively, than those of the non-implanted samples when the vacuum carburizing
temperature was 920 ◦C and the carbon potential was 1.2%. This was consistent with the results of the
hardness gradient distribution and the carbon concentration distribution of the carburized layer.

4. Discussion

4.1. Effect of RE on Carbon Diffusion

As shown in Figures 4 and 5, after ion implantation, the 20Cr2Ni4A matrix formed an injection
layer containing the RE, in which the RE atoms existed in the form of oxides and solid solution atoms.
The results of the TEM analysis in Figure 7 showed that RE ion implantation caused substantial damage
to the matrix lattice.

Due to the characteristics of the electron cloud of RE element shells and its atomic size effect, a
series of cascade collisions occurred between ion-implanted RE atoms and substrate atoms, resulting
in a large number of dislocations and damage in the matrix lattice [34,35]. The estimation of mean ion
energy transferred to the target were reasonably evaluated by SRIM. The average primary knock-on
atom energy of the La and Y ions were 94.6 and 96.8 Kev/ion during the ion implantation, respectively.
As shown in Figure 14, the maximum electronic stopping powers of La and Y ions along the depth
direction were 537.8 and 370.3 Kev/Å, respectively (electron stopping power is the blocking effect
of nucleus and electrons in the target matrix on the implanted ions during ion implantation [34]).
A schematic diagram is shown in Figure 15. Subsequently, the disorder degree of the matrix atoms,
the crystal interface area and the crystal structure defects increased, which became the channels for
carbon diffusion during carburizing and played an extremely important role in improving the carbon
diffusion coefficient [11].

Figure 14. SRIM simulation of mean ion energy during ion implantation of (a) La and (b) Y into steel.
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Figure 15. Physical model of an RE solid solution atom in a crystal face in an Fe lattice.

When solid solution RE atoms expand the lattice defects in the matrix, the distorted lattice region
of the surrounding iron atoms becomes a trap for carbon atoms during carburization. Carbon atoms
segregate into the voids of the distortion region [36], resulting in the formation of a nanoscale Cottrell
atmosphere with the RE as the core carbon atom [2], as shown in Figure 16. Moreover, as shown in
Figure 16a, carbon uniformly diffuses in the volume from the outside to the inside, in accordance
with the concentration gradient in the austenite during conventional carburizing. The grain boundary
diffusion was faster than that in the grains, and the finer the grain was, the faster was the diffusion rate.
However, once the Cottrell atmosphere was formed during carburizing with RE ions, the diffusion
mode changed from uniform diffusion to non-uniform diffusion [37]. As shown in Figure 16b, the
Cottrell atmosphere also acted as an accelerator for diffusion [38]. First, the concentration of carbon
atoms in the air mass was much higher than that in the matrix, resulting in a high concentration
difference. Then, the larger the density of the air mass and the higher the average carbon concentration,
the larger was the diffusion flux, such that the diffusion velocity and diffusion flux were significantly
increased. Finally, the mechanism of carbon diffusion during RE carburization could be considered
to be a result of jumping the short-circuit diffusion when the carbon atoms at the top of the last
gas mass jumped to the next one. It could be concluded that the lattice damage and associated
Cottrell atmosphere produced by the RE ion implantation changed the diffusion mode of the carbon
atoms during the conventional carburizing processes and increased the diffusion coefficient of the
carbon atoms.

Figure 16. Diffusion models of (a) conventional carburizing and the (b) RE carburizing processes.

4.2. Effect of REs on the Microstructure and Hardness of the Carburized Layer

According to the differences in the microstructure, phase, and hardness of the carburized layers
between the non-implanted and implanted samples, as determined by the OM, SEM, and the XRD, it
could be concluded that RE ion implantation can improve the carburized layer [10]. From Figure 8,
the diffraction peaks of the ion-implanted lanthanum and yttrium specimens shift to the left, and the
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intensity of the peaks increased after vacuum carburizing. From the Bragg equation, the smaller the
diffraction angle, the larger the lattice plane distance. Due to the large radius of RE atoms, the iron
lattice in steel is distorted [39]. Moreover, the (110) α diffraction peak showed and obvious increase,
which indicated that the preferred orientation of cryptocrystalline martensite was (110) α after RE ion
implantation, and its content also increased. From the results in Figures 9 and 10, it could be concluded
that the structure of the carburized layer after ion implantation was obviously refined, the content
of the cryptocrystalline martensite was increased, and the minimum size of the surface carbide was
0.17 μm. Figure 11 shows that the surface hardness increased after RE ion implantation.

These results could be explained according to the following two aspects. First, the RE ion
implantation pretreatment could change the martensite transformation mode. Since martensite has an
explosive shear growth, the first martensite could not pass through the austenite large-angle grain
boundary, and it was impossible to cut through the carbides. During the conventional carburization
process, substantial amounts of carbides do not exist in the austenite crystal, so the martensite tends
to be coarse. Carbides precipitated from austenite crystals are often required during RE carburizing.
In the presence of these carbides, the martensite shear is blocked and the martensite is forced to
become superfine [10]. Moreover, the quenching performance was also improved. Figure 17 shows
the martensite transformation patterns of the two carburizing methods. Figure 17a shows the
transformation mode of austenite to martensite during conventional carburizing and quenching, and it
can be seen that plate martensite needles often appeared. Figure 17b shows that during the carburizing
and quenching processes with REs, the Cottrell atmosphere with RE ions as the core becomes the
nucleation core for a carbide, which results in the precipitation of fine dispersed carbides on the
surface, during carburization and makes the martensite superfine, as shown in Figure 10c,e. The fine,
dispersed, spherical carbides were embedded in the martensite matrix, which inhibited the growth of
the austenite grains and improved the hardness and wear resistance of the steel.

Figure 17. Transformation models of martensite in the grain interior for (a) conventional carburization
and the (b) RE carburization processes.

In addition, RE ion implantation pretreatment could dramatically refine the microstructure of
the carburized layer. The undercooled austenite before quenching was uniform and stable during
conventional carburization. RE carburization results in a typical non-uniform structure, as its stability
is very poor due to the carbide nucleus [40]. Without undercooling, the carbon concentration around
the carbide increased to the highest level and decreased far away from the carbide. The carbon
concentration periodically changed according to the distance between the carbides. With an increase
in the undercooling before quenching, the carbon saturation in austenite around the carbide increased
sharply, causing the carbon atoms in the austenite to remain around the carbide. With the uphill
diffusion process from the austenite to the carbide, that is, from a low concentration to a high
concentration of carbon, the carbon in the austenite became depleted. After this transformation, the
superfine martensite was formed. The resistance of the superfine martensite to fatigue crack initiation
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and propagation was greatly improved, so the microstructure contributed to increasing the service life
of the different parts.

5. Conclusions

1. La and Y ion implantation can result in the appearance of La2O3, Y2O3 and Y (0). In the implanted
layer, the maximum concentration of La and Y occurred at 15 and 20 nm, respectively, and the
concentration of both ions showed a normal distribution.

2. During the carburization process, the high density of dislocation defects and the Cottrell
atmosphere that formed on the surface of the steel by the RE ion implantation became the diffusion
channels for the carbon atoms. During the carburization process at 920 ◦C and with a 1.2% carbon
potential, the La ion implantation increased and the carbon diffusion coefficient was 1.12 times
higher than that of the non-implanted steel, which was beneficial. Y ion implantation increased
the carbon diffusion coefficient, which was 1.17 times higher than that of the non-implanted steel,
which was also beneficial. The effective hardening depth of the carburized layer increased by
0.08 mm and 0.11 mm after the La and Y ion implantation, respectively.

3. RE ion implantation pretreatment could change the transformation mode of the martensite and
could significantly refine the microstructure of the carburized layer. Most of the fine dispersed
carbides have diameters ranging from 0.1 mm to 0.2 mm and the maximum diameters were less
than 0.32 mm. The maximum diameter and minimum diameter of the carbides on the surface
of the carburized layer after Y ion implantation were 0.36 mm and 0.06 mm, respectively. The
surface hardness of the carburized layer after ion implantation of lanthanum and yttrium was 60.5
HRC and 61.8 HRC, respectively. The yttrium-implanted carburized layer had a higher surface
hardness than the non-implanted carburized layer, showing an increase of 3.5 HRC. Therefore,
the results showed that compared to lanthanum, yttrium has a better strengthening effect.

Author Contributions: Conceptualization, C.L. and Z.X.; methodology, C.L.; software, G.L. and W.G.; validation,
C.L. and Z.X.; formal analysis, G.L.; investigation, C.L.; resources, H.L.; data curation, C.L.; writing—original
draft preparation, C.L.; writing—review and editing, C.L.; Y.H.; visualization, H.W.; supervision, G.L.; project
administration, Z.X.; funding acquisition, H.W.

Funding: This work was financially supported by the National Natural Science Foundation of China (51535011,
51775554) and the 973 Project (61328304).

Acknowledgments: The author is very grateful to Shulan Zhang and Ying Chen from Central Iron & Steel
Research Institute for their technical assistance.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Wang, F.F.; Zhou, C.G.; Zheng, L.J.; Zhang, H. Improvement of the corrosion and tribological properties
of CSS-42L aerospace bearing steel using carbon ion implantation. Appl. Surf. Sci. 2017, 392, 305–311.
[CrossRef]

2. Dong, M.L.; Cui, X.F.; Jin, G.; Wang, H.D.; Cai, Z.B.; Song, S.Q. Improved microstructure and properties
of 12Cr2Ni4A alloy steel by vacuum carburization and Ti +N co-implantation. Appl. Surf. Sci. 2018, 440,
660–668. [CrossRef]

3. Paulson, N.R.; Golmohammadi, Z.; Walvekar, A.A.; Sadeghi, F.; Mistry, K. Rolling contact fatigue in
refurbished case carburized bearings. Tribol. Int. 2017, 115, 348–364. [CrossRef]

4. Walvekar, A.A.; Sadeghi, F. Rolling contact fatigue of case carburized steels. Int. J. Fatigue 2017, 95, 264–281.
[CrossRef]

5. Guo, Y.B.; Zhang, Z.; Zhang, S.W. Advances in the application of biomimetic surface engineering in the oil
and gas industry. Friction 2019, 7, 289–306. [CrossRef]
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Abstract: Cryogenic treatment is a supplemental structural and mechanical properties refinement
process to conventional heat treatment processes, quenching, and tempering. Cryogenic treatment
encourages the improvement of material properties and durability by means of microstructural
alteration comprising phase transfer, particle size, and distribution. These effects are almost
permanent and irreversible; furthermore, cryogenic treatment is recognized as an eco-friendly,
nontoxic, and nonexplosive process. In addition, to encourage the application of sustainable
techniques in mechanical and manufacturing engineering and to improve productivity in current
competitive markets, cryo-treatment can be considered as a promising process. However, while
improvements in the properties of materials after cryogenic treatment are discussed by the majority
of reported studies, the correlation between microstructural alteration and mechanical properties
are unclear, and sometimes the conducted investigations are contradictory with each other. These
contradictions provide different approaches to perform and combine cryogenic treatment with pre-and
post-processing. The present literature survey, mainly focused on the last decade, is aimed to address
the effects of cryogenic treatment on microstructural alteration and to correlate these changes with
mechanical property variations as a consequence of cryo-processing. The conclusion of the current
review discusses the development and outlines the trends for the future research in this field.

Keywords: cryogenic treatment; cryo-treatment; mechanical properties; microstructure; cryo-processing

1. Introduction

Subzero treatment is a deep stress relieving technology that is associated with cooling components
below room temperature. Cryogenic treatment (CT) or cryo-treatment is a subzero heat treatment
which is widely used in the production of high precision mechanical parts and components. It provides
a large number of applications ranging from industrial components to improvement of musical signal
transmission [1,2]. It encourages microstructural refinement and material property improvements
such as wear resistance, toughness, fracture resistance, hardness, thermal conductivity, dimensional
stability, and chemical degradation [3–8]. Accurate control of process parameters such as cooling rate,
soaking temperature and time, cooling fluid, and the whole procedure, promotes the acquisition of
superior mechanical properties. In addition, to encourage the application of sustainable techniques in
mechanical and manufacturing engineering, and to improve productivity in the current competitive
markets, cryo-treatment can be considered as a promising process to improve product service life
and reduce production costs in terms of tooling cost and process interruption [9–11]. CT has been
classified into three groups: cold treatment, shallow cryogenic treatment (SCT), and deep cryogenic
treatment (DCT). Cold treatment is comprised of exposing the ferrous material to be treated in the
temperature range of 193–273 K to refine microstructure and achieve better static mechanical properties.
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In contrast to heat treating, cold treatment does not require precise control of temperature, and its
success depends only on the attainment of the minimum low temperature and is not influenced
by lower temperatures [12,13]. In SCT, the samples are placed in a freezer at temperature range of
113–193 K and are then exposed to room temperature. In DCT, the samples are slowly cooled to
77–113 K, held down at this temperature for a certain duration, and are then gradually tempered to
room temperature [14,15]. The DCT process consists of three main phases: cooling, soaking time,
and warming. Each phase has significant effects on the mechanical properties and microstructure
alteration, especially soaking time [16,17]. Generally, DCT is followed by some pre-and post-processing
treatments [2,14,18]. While numerous advantages of DCT have been discussed in previous studies
and were summarized in a dated review by the authors [14], there is a need for investigating the
cryogenic treatment in relation to pre-and post-treatment and their influences on microstructural
alteration and mechanical properties. Besides, there are contradictions within the literature due to a
lack of understanding of the fundamental metallurgical mechanisms of microstructural alteration and
their correlation with the mechanical properties. Therefore, the current review survey is devoted to
clarifying the effect of CT on microstructural changes and the correlation between these alterations
and the mechanical properties, with a special focus on the knowledge deriving from more recent
studies. This review is organized into three main sections: first, all the possible alterations induced by
cryo-treatment on the microstructure will be discussed; second, the effects of these microstructural
variations on the mechanical properties and their correlation will be addressed; finally, a summary of
the conducted experimental investigations on cryo-treatment application in manufacturing engineering
will be presented.

2. Effects of CT on Microstructure Alteration

There are imposed stresses whenever a material undergoes any manufacturing process which
follows the mechanical component’s production. In addition, there are some stresses due to defects in
the crystal structure of the material, of which vacancies, dislocations, and stacking faults are the most
common [19]. The structural defects are proportional to the level of the imposed stresses when the
materials undergo manufacturing processes and cyclic stresses while the materials are under service.
Cyclic stresses encourage the defect’s migration and their accumulation within the matrix, while the
further movement of defects requires more energy. The higher the level of stress, the greater the degree
of the defect’s migration, which leads to an increase in the interatomic spacing. Consequently, crack
nucleation starts and propagates as the distance between the atoms exceeds a critical distance.

For different materials, distinctive alteration scenarios take place in the microstructure during
CT [20]. The magnitude of these changes is affected by the treatment process parameters. In most steels,
the transformation of retained austenite into martensite [21–24], fine carbide precipitation [25,26], and
uniform distribution of secondary carbides [3,27], as well as interstitial carbon atoms segregation,
are the common changes observed in the microstructure after CT execution in comparison to the
conventional treatments (quenching and tempering) [28]. Applying the appropriate temperature and
soaking time causes substantial transformation of the soft austenite with a face centered cubic (FCC)
crystal structure into hard martensite with a body centered cubic (BCC) structure, as shown by Figure 1.
In addition, metallurgical alteration of martensite at a lower temperature can be obtained [29,30].
These metallurgical changes in martensite are in the form of a reduction in brittleness and an increased
resistance against plastic deformation [31]. The formation of fine and very small carbide particles
dispersed within the martensite [25,32] provides more interfaces with the base martensite matrix. These
interface increments provide more obstacles against dislocation movements and prevents the foreigner
particles from penetrating into the matrix, thereby improving the abrasion wear resistance [33,34].
Due to differences in the crystal size of austenite and martensite, there will be imposed stresses where
both coexist. CT, and especially DCT, eliminates these stresses by transforming austenite to martensite.
Interstitial carbon atom segregation near dislocations is observed during CT, which acts as growing
nuclei for the formation of fine carbide particles on subsequent tempering [35,36].
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Figure 1. Transformation of soft retained austenite to relatively hard and stable martensite at lower
temperature [30].

3. Effects of CT on Microstructure Variation and Hardness

There is a continual demand to improve mechanical properties of industrial components as their
complexity grows and functionality requirements increase. Therefore, DCT can be recognized as an
alternative process to obtain better mechanical properties with microstructural manipulation. Figure 2
exemplifies a general illustration of the DCT process. DCT improves hardness via two mechanisms,
precipitation hardening and martensitic transformation. This section is aimed at providing an insight
into the hardening mechanisms contributed by DCT.

Figure 2. Deep cryogenic treatment (DCT) with single tempering.

A reduction in the level of retained austenite, or even its elimination, can be substantially obtained
if DCT is performed efficiently in a vacuum environment. Leskovšek and Ule carried out DCT
on AISI M2 high-speed steel to reach a compromise between hardness and fracture toughness [37].
Furthermore, tool shape and dimensional stability have been examined. It was observed that the
volume fraction of the retained austenite, and hardness, have a paramount impact on the fracture
toughness. DCT promotes a higher rate of retained austenite transition into martensite which improves
the hardness, while at the same time, worsens the fracture toughness. Figure 3 shows the effect of
DCT on hardness and fracture toughness and their intercorrelation [38]. The combination of DCT
and a vacuum environment encourages a higher austenite to martensite transformation and better
dimensional stability. In contrast, shape distortion was detected due to the combined effects of
transformational and thermal stresses.
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Figure 3. The hardness and fracture toughness of WC-Fe-Ni cemented carbides before and after DCT
with different soaking time [38].

Zhirafar et al. conducted an observation to evaluate the alteration of mechanical properties of AISI
4340 after DCT [39]. Higher hardness was detected and consequently, the fatigue limit was improved
because of the austenite transformation into martensite. The interaction between hardness and fatigue
limit is anticipated to be influenced due to the microstructural changes in steel, considering that the
microstructural alteration in steel encourages the achievement of a linear trend between hardness and
fatigue limit, even for higher values of hardness [40].

An experimental investigation has been conducted to trace a coherent picture of the effects of
DCT on microstructure variation [41]. The complete transformation of austenite to martensite, coupled
with a higher volume fraction of fine carbides in the martensite matrix, improved the hardness of En 31
steel as result of DCT and subsequent tempering treatment.

Harish et al. tried to understand the impact of DCT and SCT on En 31 bearing steel microstructural
alterations [42]. Higher hardness was obtained through the CT in comparison to conventionally treated
samples. Fractography, by means of optical microscopy (OM), provided evidence of equiaxed dimples
and flat facets present in the SCT workpiece, and a wide size range of dimples and microcracks in
the DCT specimen. Retained austenite and a fine distribution of medium size spheroidized carbide
particles have been observed after DCT. Tempered martensite, some spherical carbide particles, and an
amount of retained austenite were detected due to SCT execution after tempering. Some needle-like
regions were observed in the DCT microstructure prior to tempering, which implies the presence of
untampered martensite and the existence of some retained austenite with a lower volume fraction,
in comparison to SCT and conventional heat treatment (CHT). Meanwhile, the existence of retained
austenite in SCT and DCT structures proved that CT boosts the formation of martensite from retained
austenite, but a complete transformation was not observed even after DCT and SCT.

An investigation has been conducted to study the impact of DCT on the microstructure and
mechanical property alterations of cold work die steel (Cr8Mo2SiV) [43]. It was observed that the
content of precipitation carbides is influenced by the soaking time. DCT results in a martensite and
austenite lattice contraction with a homogeneous carbide distribution, and consequently, carbon
atoms are forced to diffuse and make a new carbide nucleus. Regarding these alterations, the carbide
precipitation content is dependent on the repeating time. Therefore, the volume fraction of the carbide
precipitation is affected by both the soaking time and the repeating times. At the end of the process, the
hardness of the DCT samples was found to be greater than those obtained by conventionally treated
workpieces (quenching and tempering).
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HS6-5-2 high speed steel microstructure alteration after DCT has been examined by means of
transmission electron microscopy (TEM) and differential scanning calorimetry (DSC) [44]. Qualitatively,
it was observed that the martensite obtained after quenching, DCT, and heating up to the ambient
temperature was formed by a lamellar-lenticular structure, and internally twinned with a very high
density of dislocations. Homogeneous distribution of spherical carbides within the martensite grains
is responsible for the hardness improvement.

The effects of SCT and DCT on surface residual stresses, hardness, and impact toughness of
4140 steel have been compared [45]. Higher residual stresses were generated after DCT, in comparison
to quenching and further SCT, due to a reduction in the density of lattice defects (dislocations) and
thermodynamic instability of the martensite. These effects motivate the movement of carbon and
alloying elements toward the defects, and this movement, as mentioned, acts as a basis to form fine
carbides after stress relief. It was highlighted that the precipitation of carbides in tempered SCT and
DCT samples is responsible for the residual stress relaxation. Meanwhile, the temperature reduction
of CT encourages a higher transformation of austenite into martensite and at the same time greater
compressive residual stress in the untempered DCT specimens. It is worth mentioning that in contrast
to tensile stresses in CHT and SCT workpieces, compressive stresses were observed after DCT.

Mehtedi et al. examined the effects of DCT on treatment response, microstructural alteration,
and their correlation with X30 CrMoN 15 1 steel hardness [46]. It was noted that DCT encourages
the transformation of the retained austenite to martensite and a homogeneous decoration of the
martensitic matrix by refined carbides particles, with a consequent improvement in hardness. It is
worth mentioning that, generally, hardness variation is proportional to the austenitizing temperature.

Amini et al. examined the effects of soaking time in liquid nitrogen on the microstructural
alteration, carbide distribution, and volume fraction, as well as hardness of 1.2080 tool steel [34]. In all
the different soaking times, the elimination of retained austenite, an increment of carbide particles
density with homogenous distribution, and a uniform size were observed. Nevertheless, the magnitude
of these alterations was affected by the soaking temperature. Hardness improvement was obtained by
DCT, but further changes were not noted after a certain holding duration (36 h).

Finite element analysis considering the transformation kinetics has been conducted to simulate
DCT and was experimentally validated [47]. Comparison of the experimental data with the numerical
method reveals that multiphysical field coupling simulation is an effective and accurate approach to
evaluate the cooling behavior of DCT. It was observed that the amount of retained austenite significantly
decreased, and as a result, hardness was improved.

Comparative investigation has been conducted to contrast CHT, SCT, and DCT effects on AISI
M35 HSS microstructural variations [48]. A higher reduction in the volume fraction of retained
austenite was obtained by DCT, followed by SCT. A larger amount of fine precipitations of carbides
was observed after DCT. The combination of retained austenite reduction and the distribution of the
carbide precipitation resulted in a hardness improvement.

Akhbarizadeh and Javadpour investigated the effect of the as-quenched vacancies on the carbides
formation in the microstructure of 1.2080 tool steel after DCT [49]. The effect of the vacancies as
potential sites for carbon atoms’ jumping during DCT was clarified by using an electric current. It has
been noticed that the as-quenched vacancies play a significant role in the carbide formation during DCT
by providing appropriate sites for the carbon atoms’ jumping, which results in a hardness improvement.
The authors concluded that these carbon atoms provide some appropriate places for carbide nucleation
during the tempering.

A comprehensive investigation has been conducted to study the microstructural and mechanical
properties alteration of ultrafine-grained tungsten carbide–cobalt WC–12Co cemented carbide subjected
to DCT. The phase transformation of the binder phase Co and the hardness over a wide range of
temperatures was studied using thermal analysis and selective electrolytic corrosion technology as
shown in Figure 4. In contrast to previous studies [50], the precipitated tiny second-phase particles could
not be observed in the Co binder phase due to magnification limits associated with scanning electron
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microscopy (SEM). X-ray diffraction (XRD) analysis revealed that DCT promotes transformation
of ε-Co, and there is no influence on the crystal structure of tungsten carbide (WC) particles and
consequently, this improves the hardness and bending strength of the cemented carbides [51].

Figure 4. The effect of soaking time on hardness variation of the ultrafine-grained WC–12Co cemented
carbide [51].

A comparative investigation between CHT, SCT, and DCT was conducted to evaluate
microstructural variation and hardness of AISI 440C bearing steel [52]. A higher rate of retained
austenite transformation into martensite was achieved by DCT and a lower volume fraction of
martensite was traced by CHT, while DCT samples showed higher hardness.

Xie et al. investigated the influence of DCT on the microstructure and mechanical properties of
WC−11Co cemented carbides with different carbon contents [53]. DCT has a nonsignificant effect
on phase composition. The amount of η-phase was increased as compared to untreated samples. It
was observed that DCT refines the WC grains into triangular prisms with rounded edges, without
size alteration, through the spheroidization process. In addition, the phase transformation of the Co
phase from α-Co (FCC crystal structure) to ε-Co (HCP crystal structure) was observed after DCT, with
reduction of W solubility in the binder (Co). It was highlighted that DCT improved the hardness
and bending strength of the alloys, but there was no remarkable impact on the density and cobalt
magnetic performance.

Yuan et al. studied the microstructural alteration and mechanical properties of commercially pure
zirconium after DCT execution [54]. The DCT reoriented grain is much closer to the (0 0 0 1) basal
plane and encouraged a higher grain boundary misorientation and dislocation density. Therefore,
the higher fraction of grain boundary misorientation provides more obstacles against the dislocation
movement, increasing the material resistance against plastic deformation and improving the hardness.
Furthermore, the basal planes are associated with a higher hardness in comparison to the prism planes.

Pérez and Belzunce conducted an observation to examine the influences of DCT on the mechanical
properties of H3 tool steel [55]. DCT lessens the retained austenite content in H13 steel, but there is
a minimum innate content which cannot be transformed by heat treatment. The H3 steel hardness
decreased, as the carbide precipitation and carbon content of the martensite reduced.

Mohan et al. examined the SCT impact on the microstructure and mechanical properties of
Al7075-T6 [56]. Static mechanical properties such as hardness, yield strength, and ultimate tensile
strength were improved. Precipitation, better distribution of second-phase particles, and higher
dislocation density were observed using electron back scattered diffraction (EBSD) after DCT treatment
in comparison to untreated specimens, as illustrated in Figure 5. It was highlighted that the hardness
and stiffness improvements are the consequence of precipitation hardening and high dislocation
density. Fatigue limit has been improved due to striations becoming denser in the cryo-treated alloy.
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Figure 5. Electron back scattered diffraction (EBSD) micrographs of (a) the base and (b) the shallow
cryogenic treatment (SCT) sample [56].

A set of subzero treatments (SZTs) were conducted on aluminum 2024, to study microstructure,
hardness, and tensile and fatigue strength [57]. SZTs were performed at −60 ◦C (held for 10 h) and at
−196 ◦C (held for 4 h). As the grain size and formed nanoparticles in the microstructure are refined by
applying SZTs, elongation, yield strength, hardness, and tensile strength were improved. In contrast,
due to microcrack formation in the SZTs, the fatigue limit was reduced under both treatment protocols.

An investigation was designed to examine the effects of the amount of particle refinement and
different subzero and ageing processes on the hardness of Al7075 [58]. A smaller atomic distance, refined
particle shape, and uniform microstructure were observed after treatments. In addition, the refined
microstructure encourages higher friction against dislocation movement, and thus higher hardness.

The current literature survey has a broad consensus about the fact that CT provokes the
microstructure alteration and consequent changes in the mechanical properties as summarized
by Table 1. In the case of steels, performing a complete treatment process, comprising of austenitization,
quenching, cryo-treatment, and tempering, would promote a more refined microstructure and improved
mechanical properties. Austenitizing and quenching transform some austenite and primary carbides
into martensitic phases. Tempering encourages transition carbides by means of the transformation of
supersaturated carbon to form carbides. This contribution relieves microstresses in the martensitic
structure and prevents crack nucleation. The effects of CT on steels can be attributed to some important
changes in the microstructure that affect the hardness:

• Transformation of retained austenite to martensite can be boosted under vacuum conditions.
However, complete transformation cannot be achieved after cryo-treatment as some untempered
martensite, characterized by needle-like regions and some volume fraction of retained austenite,
has been observed. In this stage, tempering would assist in ameliorating the transformation of
retained austenite to martensite and refining the martensitic structure to obtain better hardness;

• Higher volume fraction of fine carbides within the martensite matrix reinforces the martensitic
structure and improves hardness;

• Homogeneous distribution of carbides, and a good decoration of the martensite matrix with small
size carbide particles, provides more resistance against the dislocation migration within the matrix
and plastic deformation;

• Martensite and austenite lattice contractions, along with the uniform distribution of refined
carbide particles, encourages carbon atoms diffusion and new carbide nucleation, which results in
a higher volume fraction of carbides, especially during tempering, and consequently improves
the material hardness;

• Soaking time and temperature, as well as tempering rate, have a prime importance in
improving hardness.
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Table 1. Summary of literature data devoted to studying the effects of cryo-treatment on microstructure
and hardness.

First Author,
[#]

Cryogenic
Treatment

Rival
Treatment

Material Microstructure Alteration Outcome

Amini [34] DCT N.A. 1.2080 tool steel
Elimination of retained austenite,

increment of carbide particles
density

Hardness improvement
was obtained.

Zhirafar [40] DCT N.A. AISI 4340 Austenite transformation into
martensite

Hardness and fatigue limit
were improved.

Vimal [41] DCT followed
with tempering N.A. En 31 bearing

steel

Austenite to martensite
transformation coupled with
higher volume fraction of fine

carbides

Hardness improvement

Harish [42] SCT and DCT N.A. En 31 bearing
steel

Distribution of medium size
spheroidized carbide particles

and exitance of retained austenite
even after DCT and SCT

Higher hardness obtained
after DCT followed by SCT

Li [43] DCT Quenching and
tempering

Die steel
(Cr8Mo2SiV)

Martensite and austenite lattice
contraction and homogeneous

carbide distribution

Higher hardness obtained
by DCT

Jeleńkowski
[44]

Quenching+
DCT+

tempering
N.A. HS6-5-2

Obtained martensite with
lamellar-lenticular structure, and

internally twinned, with very
high density of dislocations as

well as homogeneous distribution
of spherical carbides

Hardness improvement

Senthilkumar
[45] SCT and DCT N.A. 4140 steel

Reduction in lattice defects after
DCT and residual stress relief in
comparison to quenching+ SCT

Hardness improvement
and residual stress

releasement

Mehtedi [46] DCT N.A. X30 CrMoN 15
1 steel

transformation of the retained
austenite to martensite and
homogeneous decoration of

martensitic matrix by refined
carbides particles

Higher hardness was
recorded.

Candane [48] SCT and DCT CHT AISI M35 HSS

Higher reduction in volume
fraction of retained austenite was

obtained by DCT followed by
SCT.

Better hardness obtained
by DCT followed by SCT

Akhbarizadeh
[49]

DCT+
tempering N.A. 1.2080 tool steel Carbon atoms segregation and

carbide nucleation Hardness improvement

SreeramaReddy
[50] DCT N.A.

WC–12Co
cemented

carbide
Transformation of ε-Co

Improvement of hardness
and bending strength of

cemented

Idayan [52] SCT and DC CHT AISI 440C
bearing steel

Higher rate of retained austenite
transformation into martensite

was achieved by DCT followed by
SCT

Higher hardness was
obtained by DCT.

Xie [53] DCT N.A.
WC−11Co
cemented
carbides

DCT refines WC grains into
triangular prism with round edges

without size alteration through
the spheroidization process

DCT improved hardness
and bending strength of

the alloys.

Yuan [54] DCT N.A. Pure zirconium DCT reoriented grain is much
closer to (0 0 0 1) basal plane

Increment in material
resistance against plastic

deformation and
improving the hardness

Pérez [55] DCT N.A. H3 tool steel Reduction in retained austenite
content

H3 steel hardness
decreased, as carbide

precipitation and carbon
content of the martensite

reduced.

Mohan [56] DCT N.A. Al7075-T6
Precipitation, better distribution
of second-phase particles, and

higher dislocation density

Hardness and fatigue limit
improved.

Nazarian [57] SCT and DCT N.A. Al2024
Grain size and formed

nanoparticles in microstructure
were refined.

Hardness and fatigue limit
were reduced as formation

of microcracks.

Taşkesen [58] DCT N.A. Al7075
Smaller atomic distance, refined

particle shape and uniform
microstructure

DCT encouraged higher
friction against dislocation

movement and higher
hardness.
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Cemented carbides after CT undergo some changes within the microstructure, which bring better
mechanical properties. Transformation of the binder phase Co from α-Co to ε-Co, an increment of the
η-phase volume fraction, and a reshaping of the WC grains without size reduction, are the effects of
DCT which improves the bending strength and hardness.

In the case of titanium alloys, DCT imposes an alteration in the volume fraction, size and
morphology of the α and β phases and improves hardness.

4. Effects of CT on Microstructure Alteration and Wear Resistance

Enhancement of the wear resistance of loaded components with relative motion is a promising
approach to improve efficiency and durability for a wide range of machine elements in tribo-systems.
CT would be a reliable option to improve wear resistance of components via material microstructure
modifications. Therefore, this section highlights the achievements of previous studies to share
the technical synthesis with an emphasis on correlation between microstructural variations and
wear behavior.

Thakur et al. compared the impacts of three different post-treatments on tungsten carbide–cobalt
inserts’ microhardness and microstructural alteration [59]. The effects of controlled cryo-treatment,
heating and forced air cooling, and heating and quenching of WC–Co in an oil bath have been
investigated. A slight increment of microhardness was obtained by CT and the higher microhardness
was measured by the other treatments. A wear resistance improvement after controlled CT was
detected due to the densification of the cobalt metal binder which holds the carbide particles firmly.

The effect of austenitizing time in DCT on the wear resistance of D6 tool steel was measured
using a pin-on-disk wear test [60]. By increasing the austenitization time from 10 to 50 min, grain size
experienced an increment of 122%. It was observed that the diffraction intensities of the martensite
increased, while the volume fraction of austenite decreased, which implies that the prior austenite grain
size does not affect the retained austenite volume fraction after DCT. After conducting hardness tests, it
was concluded that the austenitizing time plays an important role on microstructure homogenization,
which encourages higher wear resistance.

Dhokey and Nirbhavne conducted a comparative study to evaluate conventional quenching,
tempering, and intermediated CT, and their effects on the wear resistance of D3 tool steel [61]. A huge
segregation of carbides of massive size was observed after conventional quenching, but tempering
encouraged the reduction in carbide size, and CT resulted in a higher volume fraction of fine carbides
and their nucleation during ramp up. Development of fine carbides after CT improves the wear
resistance against sliding wear, which could be attributed to the formation of nanosized η-carbides.

A set of treatments were proposed to study the effect of microstructural alteration on wear behavior
of D6 tool steel [62]. SCT at −63 ◦C and DCT at −185 ◦C were carried out to examine the effects of
treatment types, soaking time, and stabilization. Wear tests were conducted applying pin-on-disk wear
tests using different loads and sliding speeds. It was observed that CT improved the wear resistance
by means of reducing the amount of retained austenite. However, DCT became more efficient in
comparison to SCT, as it encouraged a more homogenized carbide distribution and elimination of the
retained austenite. The longer the treatment time, the higher the wear resistance and hardness as more
retained austenite was transformed into martensite.

Das et al. tried to correlate the soaking time and wear behavior of AISI D2 to find the optimum
soaking duration in the range of 0 to 132 h, and a cryogenic temperature of 77 K [63]. Figure 6
demonstrates the effect of soaking temperature on wear resistance of AISI D2 specimens subjected
to different loads. The results provide evidence that there is a strong correlation between soaking
time and the precipitation behavior of secondary carbides. Wear behavior of the cryo-treated AISI
D2 samples is affected by the volume fraction of secondary carbide particles within the matrix. The
optimum time of around 36 h for the soaking zone of the considered material was recommended.
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Figure 6. Influence of soaking time on the wear resistance of cryo-treated D2 steel specimens [63].

Straffelini et al. optimized the wear resistance of stamping tools applicable to the automotive
industry [64]. The effects of three treatments were examined: coating by thin ceramic film (AlCrN)
using physical vapor deposition (PVD), a tool produced by hard metal, and two DCT treated HSS
(high-speed steel). DCT improves the wear resistance of the tool as a result of the precipitation of
ultrafine carbide particles.

The influence of DCT parameters, soaking time, and temperature on the tribological performance
of powder–metallurgy (PM) high-speed steel were investigated by means of abrasive wear resistance
and resistance to galling under dry sliding conditions [65]. It was observed that a higher austenitizing
temperature leads to a smaller amount of undissolved eutectic carbides of small size. The longer
treatment time results in a fine microstructure. It was concluded that the austenitizing temperature is a
more significant player in comparison to the soaking time.

Wang et al. studied the effect of DCT on the microstructure and abrasion resistance of a high
chromium cast iron [66]. It was observed that the volume fraction of secondary carbides increased after
the destabilization treatment combined with DCT. Cryo-treatment resulted in the transformation of the
abundant retained austenite into martensite and finer secondary carbide precipitated formation, which
are the main contributors to wear resistance improvement. Figure 7 compares the volume fraction
of retained austenite after air cooling and cryo-treatment following the destabilization treatment.
Therefore, a higher volume fraction of carbide content provides more interface with the matrix, which
promotes obstacles against dislocations and enhances the wear resistance.

The effects of DCT parameters, including austenitizing temperature, ramp down, soaking time,
ramp up, and tempering temperature, on AISI D2 wear behavior have been examined using the
Taguchi method [67]. It was observed that complete transformation of retained austenite to martensite
cannot be achieved during ramp down, but the greatest transformation was achieved during soaking
time and was affected by soaking temperature.

Das et al. studied the advantages of cooling temperature during subzero treatment on AISI D2
steel wear resistance [12,68]. Wear behavior was evaluated by estimating specific wear rates and
conducting detailed characterizations of the worn surfaces, wear debris, and subsurfaces using SEM
coupled with X-ray. Figure 8 compares the effects of treatment processes, CHT, and subzero treatments
(CT, SCT, and DCT) on the volume fraction of different phases within the matrix. It was observed
that the lower the temperature of subzero treatment, the higher the wear resistance. RA reduction in
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retained austenite volume fraction and the simultaneous increment in the amount of secondary carbide
particles at lower temperature improved the wear resistance.

Figure 7. The content of retained austenite at different heat-treated states (heated for 0.5 h) [66].

Figure 8. Variation of number of different phases with lowest quenching temperature (TLQ) [68].

Cajner et al. studied the influence of DCT on standard PM S390 MC high speed steels [69].
The effects of DCT on impact and fracture toughness, erosion wear resistance, and microstructure were
examined. DCT brought some advantages, such as remarkable improvement of wear resistance due to
the presence of η-carbides, however a significant change in toughness was not recorded.

The effects of DCT on microstructure, creep, and wear resistance of AZ91 magnesium alloy
have been examined [70]. Alteration of β precipitates distribution, the coexistence of dissolved tiny
laminar β particles, and coarse divorced eutectic β phase, were observed as results of DCT. It was
highlighted that the creep behavior of the alloy, which is affected by the stability of the near grain
boundary microstructure, was improved. Wear resistance was enhanced after DCT as consequences of
the internal microstructure stabilization and the formation of a new morphology of β particles.

Sogalad and Udupa conducted an investigation to evaluate the DCT impact on the load bearing
capacity of fitted pairs (En8 steel) interference [71]. Different soaking times were applied to the pins sunk
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in liquid nitrogen and ice. In addition, the bushes were heated to be assembled with the pin without
external pressure. Stronger joints were obtained after DCT due to an improvement of the hardness
and wear resistance as a consequence of the austenitic transformation to martensite. The improved
wear resistance of the pins is attributed to fine carbide formation with a tight lattice structure due to
DCT impact. The load carrying capacity of the bearing was improved after cryo-treatment due to a
transformation of the retained austenite to freshly formed martensite and the distribution of η-carbides,
which fill the microvoids present in the matrix, making it much denser and more uniform.

Akhbarizadeh et al. applied an external magnetic field during DCT to evaluate wear behavior of
1.2080 tool steel [72]. It was observed that DCT reduces the volume fraction of retained austenite and
encourages the uniform distribution of carbide particles within the matrix, and consequently, enhances
the wear resistance. Surprisingly, the magnetic fields had the reverse effects and reduced the number
of carbides, with a nonuniform distribution, which worsened the wear resistance.

Siva et al. investigated the effects of DCT execution on the wear resistance of 100Cr6 bearing
steel [73]. Significant improvement of wear resistance after DCT was obtained in comparison to
conventionally treated specimens (Figure 9) which was attributed to the alteration of the retained
austenite into martensite and the precipitation and distribution of the carbides within the microstructure.
DSC revealed that the increment of martensite destabilization by triggering carbon clusterization and
carbide precipitation resulted in an improvement of wear resistance and hardness.

Figure 9. Wear rate of 100Cr6 bearing steel at 5 Hz frequency for the conventional heat treatment (CHT)
and DCT [73].

Xu et al. evaluated high performance tool steels’ (AISI H13) microstructural alteration prior to and
after CT using XRD and synchrotron microdiffraction [74]. The execution of DCT results in diffusion of
excess carbon out of the martensite phase and martensitic unit cell shrinkage. Besides these changes,
cryogenically treated samples received homogeneous martensite structure. It has been highlighted that
a considerable degree of disorder, resulting from rapid cryogenic cooling, encourages microstresses
discharge during tempering, which improves wear resistance.

Arockia, Jaswin, and Mohan carried out an observation to optimize the CT with the aim
of improving wear resistance, hardness, and tensile strength of E52 valve steel by applying the
Grey–Taguchi method [75]. Different combinations of cooling rate, soaking temperature, soaking
period, and tempering temperature were considered to execute the DCT. Significant alteration of the
retained austenite to martensite and an increment of the fine secondary carbide precipitation were
obtained in optimized DCT specimens. Therefore, an improvement of hardness and wear resistance
was achieved as a consequence of the aforementioned effects.

Li et al. conducted a set of experimental observations to study the tribological performance of
tool steel subjected to DCT [76]. It was highlighted that the segregation of carbon atoms to nearby
dislocations, and the interaction produced between themselves and the dislocations, encouraged the
formation of carbon clusters. These carbon clusters act as nuclei to form carbide particles during
subsequent tempering, and consequently improve wear behavior.
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The effects of DCT on the microstructural alteration and wear behavior (abrasion characteristics)
of H13 tool steel have been observed [77]. It was highlighted that the lower the temperature, the higher
the amount of transformed retained austenite to martensite, resulting in smaller and more uniform
distributions of martensite laths. Furthermore, DCT promotes the precipitation of more homogeneous
and very fine carbide particles. The joint effects of these microstructural variations improved the wear
properties of the H13 tool steel.

Senthilkumar and Rajendran examined the effects of DCT on the wear resistance of En19 steel [78].
Three different types of heat treatment were performed. The influences of DCT, SCT, and CHT were
investigated through dry sliding wear testing. X-ray observation revealed that the precipitation of fine
carbides and the transformation of retained austenite into martensite, during DCT and SCT, improved
the wear resistance in comparison to CHT. It was highlighted that a higher wear resistance and lower
friction coefficient have been obtained by DCT.

Jaswin et al. evaluated the effects of SCT and DCT on the microstructure and wear resistance of
X45Cr9Si3 and X53Cr22Mn9Ni4N valve steels [79]. The alterations were compared to conventionally
heat-treated specimens. SEM analysis reveals that the full elimination of the retained austenite is
not achievable even after performing SCT and DCT, but a reduction in the retained austenite was
observed as a consequence of CTs. It was highlighted that the formation of fine carbides dispersed in
the tempered martensite structure is the main contributor to improved wear resistance, followed by
the retained austenite transformation.

Li et al. carried out a set of experimental trials to evaluate DCT effects on internal friction behaviors
in the process of tempering [80]. Wear resistance improvement was observed due to greater carbide
precipitation after DCT by means of applying internal friction. This is because as the carbon atoms
move towards the dislocations, strong interaction is generated between interstitial carbon atoms and
among them with a time dependent strain field of dislocations. The generation of carbon atom clusters
adjacent to the dislocations under DCT, inspires carbide formation which subsequently results in wear
resistance improvement.

Amini et al. investigated the effects of stabilization, tempering, and DCT on the mechanical
properties of 80CrMo12 5 tool steel [81]. Elimination of the retained austenite and a higher amount
and finer distribution of carbide, as a consequence of DCT, dramatically improved the wear resistance.
Ultimate tensile strength increased and a reduction in specimen toughness were also observed. It was
concluded that DCT treatment should be done immediately after quenching to obtain the highest wear
resistance and hardness.

Gill et al. conducted a set of trials to examine the effects of DCT on the mechanical and
microstructural alteration of AISI M2 HSS [82]. It was proved that complete transformation of austenite
into martensite cannot be achieved by DCT, however some advantages, such as higher precipitation of
small carbides, an increment of their volume fraction, and uniform distribution of the carbides, have
been obtained after DCT followed by SCT, as shown in Figure 10. Wear resistance improvement was
observed due to the aforementioned DCT and SCT effects.

Figure 10. SEM image used for quantitative determination of the size and volume fraction of carbides
for (a) CHT, (b) SCT, and (c) DCT [82].
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Sri Siva et al. applied the Taguchi method and Gray relational analysis to optimize the DCT
processes to be executed on 100Cr6 bearing steel [83]. Dimensional stability, wear resistance, and
hardness were selected as the indicators to examine the effect of cooling rate, soaking temperature, and
duration, as well as tempering temperature, to be proposed for optimization. It was highlighted that
the precipitation of the fine carbides and the transformation of the retained austenite to martensite are
the main contributors to the improvement of hardness, wear resistance, and dimensional stability.

Isothermal martensitic transformation at temperatures below −100 ◦C during DCT was studied as
a physical mechanism that has a significant contribution to mechanical properties improvement [84].
Steel X153CrMoV12 was selected on which to conduct the observations. Findings revealed that the joint
effects of low temperature martensitic transformation and plastic deformation play a remarkable role
in the subsequent carbide precipitation, which improved the mechanical properties such as abrasive
wear resistance and hardness. Low-temperature isothermal martensitic transformation, as a result
of unbalanced volumes of the martensite and retained austenite, leads to plastic deformation which
encourages the refining of primary and secondary carbides and consequently, improves hardness.

A study was designed to determine the effects of influential variables on the correlation between
treatment parameters and mechanical properties of AISI D2 steel subjected to distinct categories of
SZTs viz. cold, SCT, and DCT [85]. The effects of the treatment process were examined by means of
the number of different phases and stereological parameters of the secondary carbide (SC) particles.
It was highlighted that a reduction in the retained austenite, and at the same time, an increment of SCs
by subzero treatment, resulted in an improvement of bulk hardness and microhardness with a minor
fracture toughness loss, and a remarkable improvement in wear resistance.

The effects of DCT on D2 tool steel wear resistance have been studied by means of pin-on-disk
tests using steel and tungsten carbide pins [86]. Microstructural alteration and wear mechanism were
evaluated using SEM and XRD. Wear behavior was improved due to the formation of fine carbides
with the size varying from micron to nanoscale. In addition, a higher amount of carbide content
and homogeneous carbide distribution were observed after DCT treatment. Adhesive wear was the
predominant mechanism under different observational set-ups (load, sliding speed, and pin material).

Das and Ray studied the mechanism of wear resistance improvement by applying DCT [87].
It was highlighted that DCT eliminates retained austenite and encourages the formation of secondary
carbides and consequently enhanced the wear resistance of AISI D2 steel.

Podgornik et al. reported that DCT improved the abrasive wear resistance and better galling
properties of powder–metallurgy (PM) high-speed steel, as a result of a finer needle-like martensitic
microstructure formation which provides a lower average friction coefficient, while applying longer
soaking time [88].

The effects of different soaking and tempering times during DCT of 45WCrV7 tool steel have been
studied [89]. Maximum hardness was obtained by increasing either the soaking time or tempering
time, as these two encouraged the higher transformation rate of retained austenite into martensite, in
addition to a larger volume fraction of carbides with a homogenous distribution and uniform size.
It was proved by another investigation that the joint effect of soaking and tempering times is the most
influential parameter to enhance hardness and consequently, wear resistance [90].

An AZ91 magnesium alloy was subjected to DCT and the microstructural alteration was examined
using OM and SEM [91]. Hardness and wear tests were performed to evaluate the effects of DCT
and microstructural changes as a consequence of the treatment. DCT improves hardness and wear
resistance of AZ91 by structure contraction, in which aluminum atoms in the β phase jump adjacent
to the defects as new Mg17Al12 precipitates during ageing. As the expansion coefficient of α and
β phase are different at a lower temperature, this difference is associated with different shrinkage
values. As consequence of these different shrinkage values, dislocations and microvoids are generated
on the boundary of the α and β phase that provide appropriate places for aluminum atoms to jump
during DCT.
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An investigation has been conducted to determine the impact of DCT on AISI 52100 bearing steel
wear resistance [92]. Significant microstructural alteration and consequently higher wear resistance
were obtained by DCT execution. Uniform carbide distribution and homogeneous particle size along
the formation of new small size carbides were obtained after DCT, which resulted in higher wear
resistance. Better hardness was achieved due to the redistribution of chromium carbides and the
austenite to martensite transformation. It was highlighted that the soaking time is the most important
process parameter to obtain a uniform carbide distribution, fine and homogeneous particle size, and
better mechanical properties. Figure 11 provides evidence that until a certain duration of soaking time
(12 to 36 h), positive effects on carbide particle size and distribution can be observed, but surprisingly,
the opposite effects can be seen for a longer holding time.

 

Figure 11. SEM microstructures of (a) CHT, (b) DCT-12 h, (c) DCT-24 h, (d) DCT-36 h, (e) DCT-48 h,
and (f) DCT-60 h samples [92].
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The effects of different treatments on AISI D3, as-received, CH treated without tempering, and
DC treated without tempering were evaluated [93]. Uniform distribution of primary and secondary
chromium carbides with smaller sizes were promoted by CHT and DCT. The highest hardness was
obtained by DCT followed by CHT and consequently better tribological performance was achieved
by DCT.

Microstructure and wear properties of dies are essential parameters that affect the product quality
and production costs. Therefore, the effects of treatment processes on the microstructure and wear
resistance of AISI H13 hot-worked tool steel as the most common material in die production, have been
examined [94]. Different treatment processes, conventional, DCT, and DCT plus tempering (DCTT),
were considered and executed. It was noted that DCT encourages a homogeneous distribution of fine
carbide particles in the martensite matrix and improves the wear resistance, but better wear resistance
is obtained by DCT due to the formation of finer carbides with a more uniform distribution. In addition,
tempering after DCT resulted in the precipitation of secondary carbides and improved their coherence
with the matrix.

Li et al. performed experimental trials to study the effects of DCT on high-vanadium alloy
steel microstructure and mechanical properties [95]. Enormous amounts of small secondary carbide
precipitation and microcracks at the carbide and matrix interfaces were observed after execution of
DCT. It was highlighted that the volume fraction of secondary carbides after DCT was found to be
three to five times larger than those obtained by CT. This increment in the volume fraction of secondary
carbides was found to be affected by the number of DCT cycles. In addition, DCT encourages the
finer carbide particle size with a homogenous distribution. The DC treated sample formed smaller
secondary spherical carbides. In contrast, as hardness decreases, toughness increases after DCT.
A slight improvement of abrasive wear resistance was obtained after DCT execution, due to a larger
amount of finer secondary carbide precipitation, which is affected by soaking time and the number
of cycles.

An investigation was aimed at studying the effects of DCT on fracture toughness, wear resistance,
and load-carrying capacity of cold-worked tool steel [96]. It was concluded that an improvement in
the mechanical properties was as a consequence of finer, needle-like martensite formation and retained
austenite transformation, combined with the plastic deformation of primary martensite. In addition,
any alteration of fracture toughness to working hardness influences the wear resistance of cold-worked
tool steel.

The effects of DCT and the correlation between microstructural alteration and wear behavior
of WC–Fe–Ni cemented carbides has been examined and discussed [38]. Selective electrolytic
corrosion technique was employed to study the phase composition and quantitative analysis of DCT.
Wear resistance improvement was observed after execution of DCT due to the martensite phase
transformation from γ-(Fe,Ni) to α-(Fe,Ni) and can be attributed to precipitation of W particles in the
binder phase. It was highlighted that soaking time is the most important contributor to transformation
of the binder phase from γ to α.

Li et al. applied DoE (Design of Experiment) orthogonal design to evaluate the effects
of cryogenic-ageing circular treatment (CACT) on articles reinforced in-situ aluminum matrix
composites [97]. Different combinations of cooling rate, soaking time and circular index as process
variables were set. Al–Zn–Mg–Cu wrought aluminum reinforced by alumina particles, was selected
as the host material to execute CACT. SEM analysis revealed that increasing the precipitation of Si
phases improved the load carrying capacity of the metal matrix and consequently, the wear resistance.
Hardness was reduced as a consequence of a reduction in the unstable but hard needle-like η’ (Zn2Mg)
phase and an increment of the stable lamellar h (Zn2Mg) phase with low hardness.

In many mechanical applications, especially in automotive and aerospace engineering, as the
components are reciprocating or rotating at relative speed to each other, wear resistance improvement
is of paramount importance. The benefits of CT and its effects on the enhancement of wear resistance
have been investigated and discussed in the analyzed literature as summarized by Table 2. However,
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the mechanisms responsible for the wear resistance improvement by DCT and SCT, in terms of
microstructural alteration, are yet to be clarified. Therefore, the impacts of microstructural variation
after CT on the wear resistance of steels can be summarized as below to correlate the wear behavior
with microstructural alteration:

• Transformation of retained austenite to martensite, which is counted as a contributor to improve
microhardness and enhancement of wear resistance to comply with it;

• Higher volume fraction of fine, and a homogeneous distribution of, carbide particles within the
matrix resist against the dislocation movements and plastic deformation;

• Segregation of carbides and the formation of η-carbides improves the resistance against sliding
wear as they reinforce the martensitic structure;

• Secondary carbide precipitation, especially during tempering;
• DCT is more efficient to enhance the wear resistance in comparison to SCT as it encourages a more

uniform distribution of fine carbides and the elimination of retained austenite; soaking time and
soaking temperature are the most effective process parameters.

In the case of cemented carbides, DCT enlarges grain size as a consequence of carbide grain
contiguity and the dominant effect of the carbide phase, improving thermal conductivity and
consequently, wear resistance. In addition, distribution of η-phase carbide within the structure
empowers the bond between the carbide and binder, which brings higher wear resistance.

Table 2. Summary of the literature data devoted to studying the effects of cryo-treatment on
microstructure and wear resistance.

First Author,
[#]

Cryogenic
Treatment

Rival Treatment Material Microstructure Alteration Outcome

Thakur [59] DCT N.A. Tungsten
carbide–cobalt

Densification of the cobalt
metal binder

Wear resistance
has been

improved.

Akhbarizadeh
[60,62,72] SCT and DCT N.A. D6 tool steel and

1.2080 tool steel

Higher volume of
homogenized carbide

distribution and elimination
of the retained austenite

DCT homogenizes
microstructure

which encourages
higher wear
resistance

Dhokey [61] DCT Quenching and
tempering D3 tool steel

Higher volume fraction of fine
carbides and their nucleation

during ramp up

Wear resistance
improvement.

Das
[63,68,85,87] SCT and DCT DHT AISI D2

Reduction in retained
austenite and higher volume

fraction of secondary carbides

Wear behavior is
proportional to

secondary
carbides

morphology. DCT
is most effective

treatment.

Straffelini [64] DCT AlCrN PVD
coating and Stamping tools Precipitation of ultrafine

carbide particles
Wear behavior
was improved.

Podgornik
[65,88,97] DCT N.A.

Powder–metallurgic
(PM) high-speed steel
and Cold-work tool

steel

Homogenous microstructure,
finer needles like martensite

formation and retained
austenite elimination

Abrasive wear
resistance has

been enhanced.

Wang [66] DCT N.A. High chromium cast
iron

Transformation of abundant
retained austenite into
martensite and finer
secondary carbide

precipitation

Wear resistance
improvement was

recorded.

Oppenkowski
[67] DCT N.A. AISI D2 Transformation of retained

austenite into martensite

Transformation of
retained austenite

to martensite is
affected by

soaking time and
temperature.

Cajner [69] DCT N.A. PM S390 MC high
speed steels

Fine η-carbides formed within
the matrix.

Wear behavior
was improved.
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Table 2. Cont.

First Author,
[#]

Cryogenic
Treatment

Rival Treatment Material Microstructure Alteration Outcome

Asl [70] DCT N.A. Magnesium alloy
AZ91

Alteration of β precipitates
distribution, coexistence of

dissolved tiny laminar β
particles and coarse divorced

eutectic β phase

Wear resistance
was enhanced.

Sogalad [71] DCT N.A. En8 steel
Transformation of retained
austenite to martensite and

distribution of fine η-carbides

Wear resistance
and load carrying

capacity were
improved.

Siva [73] DCT CHT 100Cr6 bearing steel

Martensite destabilization by
triggering carbon

clusterization and carbide
precipitation

Wear resistance
and hardness

were improved.

Xu [74] DCT N.A. AISI H13 Homogeneous martensite Wear resistance
was enhanced.

Arockia Jaswin
[75] DCT N.A. E52 valve steel

Transformation of retained
austenite to martensite and

increase in the amount of fine
secondary carbide

precipitation

Wear behavior
was ameliorated.

Li [76] DCT +
tempering N.A. Tool steel

Precipitation of carbide
particle and carbon

segregation nearby dislocation
and carbon cluster formation

Improvement of
wear resistance

was highlighted.

Koneshlou [77] DCT N.A. H13 tool steel

Uniform distribution of
martensite laths and

transformation of retained
austenite to martensite

Wear properties
has been

improved.

Senthilkumar
[78] SCT and DCT CHT En19 steel

Precipitation of fine carbides
and transformation of retained

austenite into martensite

Higher wear
resistance was
obtained after

DCT followed by
SCT.

Jaswin [79] SCT and DCT CHT X53Cr22Mn9Ni4N
valve steels

Elimination of the retained
austenite and formation of

fine carbides

Wear resistance
was improved.

Li [80] DCT N.A. Cold work die steel
Carbon atoms segregation and

generation of strong
interaction with dislocations

Wear resistance
improvement

Amini [81,86] DCT N.A. 80CrMo12 5 tool steel,
D2 tool steel

Elimination of retained
austenite, higher amount, and

fine distribution of carbide

Wear resistance
and ultimate

tensile strength
were improved.

Gill [82] SCT and DCT N.A. AISI M2 HSS
Transformation of austenite
into martensite and higher

precipitation of small carbides

Wear behavior
was ameliorated.

Sri Siva [83] DCT N.A. 100Cr6 bearing steel

Precipitation of the fine
carbides and transformation
of the retained austenite to

martensite

Wear resistance,
hardness, and
dimensional
stability were

improved.

Gavriljuk [84] DCT N.A. Steel X153CrMoV12 Refining of primary and
secondary carbides

Abrasive wear
resistance and
hardness were

enhanced.

Amini [91] DCT N.A. AZ91 magnesium alloy
Aluminum atoms in the β

phase jump adjacent to the
defects

Wear and
hardness were

improved.

Gunes [92] DCT N.A. AISI 52100

Uniform carbide distribution,
refinement of particle size and

redistribution of chromium
carbides

Higher wear
resistance was

obtained.

Khun [93] DCT CHT AISI D3
Uniform distribution of
primary and secondary

chromium carbides

Higher wear
behavior and

hardness were
recorded.
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Table 2. Cont.

First Author,
[#]

Cryogenic
Treatment

Rival Treatment Material Microstructure Alteration Outcome

Çiçek [94] DCT and DCTT N.A. AISI H13 Finer carbides size and
distribution

Wear resistance
was improved.

Tempering after
DCT resulted in
precipitation of

secondary
carbides.

Li [95] DCT N.A. High-vanadium alloy
steel

Finer carbide particles size
with homogenous distribution

Higher abrasive
wear resistance
was obtained.

Li [97] DCT N.A. Al–Zn–Mg–Cu
wrought aluminum

Precipitation of Si phases and
reduction in unstable but hard
needle-like η’ (Zn2Mg) phase

Wear performance
and hardness

were improved.

5. Effects of DCT on Microstructure and Mechanical Properties

In this section, the effect of CT on fatigue strength, tensile toughness, thermal conductivity, and
durability, as well as residual stresses relief, will be addressed and discussed.

Bensely et al. conducted an experimental investigation to gain insight into fatigue and fracture
behavior of carburized EN 353 steel subjected to CT [98]. Rotating bending fatigue tests were carried
out to study the influences of SCT and DCT. It was highlighted that due to the presence of higher
retained austenite and fine carbides, SCT treated specimens showed better fatigue life in contrast to
DCT and conventionally treated specimens. A 71% improvement in fatigue life was observed via SCT
and DCT.

Baldissera and Delprete studied the effect of DCT on tensile properties, fatigue life, and corrosion
resistance of AISI 302 stainless steel in both hardened and solubilized states [99,100]. Although no
significant effects on tensile strength were observed, changes in hardness and in elastic modulus were
detected as far as significant increases in fatigue life for the solubilized material only. The fatigue
fracture surface analysis pointed out that small secondary cracks for the treated material have been
observed that could have acted as energy absorber with respect to the cyclic loading. The absence of
significant effects from DCT applied to hardened AISI 302 was confirmed following an experimental
investigation by Baldissera et al., where the same material was additionally subjected to CrN coating
through Physical Vapour Deposition (PVD) [101].

The same authors carried out experimental investigations to assess the effects of DCT on
18NiCrMo5 carburized steel [102,103]. Two levels of temperature and soaking time were considered.
In addition, the influence of the sequence among case hardening, tempering, and DCT was studied.
Performing DCT before tempering produced a significant increase in hardness (+2.4 HRC), while
pre-tempering DCT resulted in a remarkable enhancement of UTS (Ultimate tensile strength) (+11%).
The most interesting result was observed in terms of scatter reduction of fatigue data, leading to a
drastic increase in the fatigue limit at higher reliability levels (+25% considering a failure probability of
0.3%). In a subsequent study, the authors applied the Tanaka–Mura model for fatigue crack nucleation
to the above experimental results through Maximum Likelihood Estimation (MLE), obtaining further
insight on the potential causes of the observed improvements [104]. The conclusion was to address
further investigations towards the effect of DCT on the specific fracture energy and, in agreement with
most of the literature, on the dimensional and statistical characterization of subgrain precipitate fields.

Bouzada et al. evaluated microstructural alterations due to DCT of a heat-treated 7075
aluminum alloy [105]. Higher compressive residual stresses and slight changes in static mechanical
properties (yield strength, tensile strength, and hardness) were observed after treatment. Accretion of
submicrometric particles near and at the grain boundaries was detected. The combined effect of these
microstructural changes improved the stress corrosion cracking and durability of 7075 aluminum.

The joint properties of 4 mm-thick 2219-T87 alloy produced by tungsten inert gas welding
(TIG) and friction stir welding (FSW) at room temperature and DCT temperature (−196 ◦C) were
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examined. FSW presents better welding properties due to the preservation of the working structures
and homogenous chemical compositions. A uniform and coherent microstructure obtained by DCT
in the form of grain-boundary strengthening, substructure strengthening, and ageing precipitation
strengthening is the main reason for the mechanical properties alteration [106].

The effect of microstructural alteration after DCT execution on tensile toughness in medium
carbon-low alloy tool steel has been examined [107]. It was highlighted that the amount of secondary
carbides is proportional to the soaking time. As soaking time increases, there was a constant increment
of secondary carbides until a certain duration because after this point secondary carbide density is
reduced. Tensile toughness was increased by simultaneously extending both the tempering duration
and soaking time.

The combined effects of postweld heat treatment and low-temperature ageing treatment with and
without DCT on friction-stir-welded joints of 2024-T351 aluminum alloys were examined [29]. It was
observed that joint elongation increases with an improvement in tensile strength. Pre-DCT promotes
the redissolution or dispersed precipitation of the unstable phases in the as-welded joints.

The effects of DCT on the fatigue behavior of 1.2542 tool steel have been examined [108]. It has
been highlighted that nonsignificant changes in fatigue life were observed and both specimens were
free of retained austenite. However, specimens that experienced DCT contained more secondary
carbides with uniform distribution.

The effects of DCT on mechanical properties of induction hardened En 8 steel were measured,
with the treatment carried out at −196 ◦C for 24 h [109]. A remarkable improvement of the ultimate
tensile strength was observed as DCT increased the compressive residual stress of steel. SEM analysis
provided evidence that the martensite structure was formed after DCT.

Araghchi et al. applied a combination of prior treatments, CT, and ageing (reheating by oil at
180 ◦C) on 2024 aluminum [110]. Application of this treatment cycle resulted in a reduction of residual
stress by 250%. The concerned treatment encouraged the formation of large needle-like S´ precipitates
with different orientation, which improved matrix hardness and reduced the residual stresses. It
reported that S´ phase preferentially precipitated on dislocations.

An investigation was conducted to examine the effects of DCT, prior and after ageing, on
microstructural evolution, microhardness, and tensile property variations of TB8 metastable β titanium
alloy [111]. It was observed that conventional solution treatment followed by DCT resulted in a higher
degree of super-cooling and internal stress through lattice shrinkage, which fosters the formation of
needle-like α phase in the martensite matrix and furnishes a higher fraction of α phase during ageing
treatment. The aforementioned microstructure alterations, as well as refinement and homogenization of
lath-like α precipitates, improved the microhardness and tensile strength while reducing the elongation.

Subzero treatment was carried out on EN 1.4418 steel to evaluate the sensitivity of reverted
austenite to temperature [112]. It was highlighted that impact toughness is a time dependent variable
of temperature and it is directly affected by the volume fraction of austenite. Reverted austenite
appears to be stable at room temperature and at elevated temperature (immersing in boiling N2), but
in moderate temperature it can be partially transformed.

In general, according to the above literature survey, as summarized by Table 3, some important
microstructural alterations due to CT and their effects on the mechanical properties are correlated with
each other as follows:

• Residual stresses can be imposed by external or internal sources to the materials. Residual stresses
due to external sources can be introduced and developed during manufacturing processes such as
nonuniform plastic deformation under cold working, shot peening, hammering, grinding, or by
welding due to thermal shocks. Some residual stresses are due to defects in the crystal structure
of the materials, with the most common defects being in the form of vacancies, dislocations,
and stacking faults. Residual stresses would cause creep failure, fatigue, and stress corrosion
cracking in sensitive materials. The higher transformation of retained austenite to martensite at
lower temperatures induces compressive residual stress, which is beneficial for wear resistance
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improvement and fatigue behavior. Precipitation of the carbides in DCT and SCT followed by
tempering is the main contributor to residual stresses reduction;

• Fatigue life improvement due to CT is attributed to distribution of fine carbide particles and
reduction of residual stresses. Moreover, the subgrain carbide distribution can play an important
role by affecting the statistical dispersion of the fatigue behavior, with a significant impact at high
reliability levels, which is the most interesting in many structural component applications;

• Fracture toughness after DCT reduced the transformation of retained austenite to martensite. DCT
improves hardness and reduces fracture toughness. Therefore, it is essential to control the fracture
toughness to avoid the risk of microcracking, especially in the case where mechanical components
are sliding under the influence of a load in tribo-systems;

• Formation of martensite and the elimination of retained austenite, along with the precipitation of
fine carbide, are the main contributors to the enhancement of ultimate tensile and yield strength.

Table 3. Summary of literature data devoted to study the effects of cryo-treatment on microstructure
and mechanical properties.

First Author,
[#]

Cryogenic
Treatment

Rival
Treatment

Material Microstructure Alteration Outcome

Bensely [98] SCT and DCT N.A. EN 353
Higher volume fraction of
retained austenite and fine

carbides

SCT treated specimens
show better fatigue life
in contrast to DCT and

CHT.

Baldissera
[99–101] DCT CrN coating

through PVD AISI 302 Formation of microsecondary
cracks on surface

Tensile strength and
fatigue life significantly

improved.

Baldissera
[102–104] DCT N.A. 18NiCrMo5

carburized steel N.A.
Hardness (+2.4 HRC)
and UTS (+11%) were

improved.

Bouzada [105] DCT N.A. 7075 aluminum
alloy

Accretion of submicrometric
particles near and at the grain

boundaries

Yield strength, tensile
strength and hardness

were ameliorated

Lei [106] DCT N.A. 2219-T87

Uniform grain-boundary
strengthening, substructure

strengthening, and aging
precipitation strengthening

Better weldability
obtained.

Vahdat [107] DCT N.A.
Medium

carbon-low
alloy tool steel

Formation of secondary carbides Tensile toughness
increased.

Niaki [108] DCT N.A. 1.2542 tool steel
Elimination of retained austenite

and uniform distribution of
secondary carbides

Nonsignificant changes
in fatigue life were

recorded.

Senthilkumar
[109] DCT N.A. En 8 steel Uniform martensite structure

Significant improvement
of ultimate tensile

strength was traced.

Araghchi [110] DCT N.A. 2024 aluminum
Formation of large needle-like S´

precipitates with different
orientation

Reduction of residual
stress by 250% and

hardness increase have
been reported.

Gu [111] DCT N.A.
TB8 metastable

β titanium
alloy

High volume fraction of
needle-like α phase in martensite

matrix

Microhardness and
tensile strength were

improved.

Nießen [112] DCT N.A. EN 1.4418 steel Stabilization of reverted austenite

Impact toughness is a
time dependent variable
on temperature, and it is

directly affected by
volume fraction of

austenite.

6. Cryogenic Application in Manufacturing Engineering

Cryogenic treatment induces significant effects on engineering components and improves the
mechanical properties through microstructural alteration. A major portion of manufacturing cost
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is contributed by tooling cost involving tool replacement and resharpening, material scrap, and
production line interruption [113]. Improving cutting tool durability and workpiece machinability
provides evidence to consider cryogenic treatment as a potential way to take a step toward sustainable
manufacturing and clean production. In addition, in such applications where wear resistance is of
paramount importance, such as tribo-systems and transportation applications, cryogenic treatment can
improve the system reliability. In this context, to improve productivity, it is essential to develop tools
with the capability to withstand higher cutting speeds and feed rates during machining. To achieve
this goal, tool performance and machinability improvement of workpiece materials are of prime
importance, especially in the case of hard to cut materials, as they are most in demand to operate
under severe conditions [114,115]. Therefore, this section is devoted to addressing the application of
cryogenic treatment in machining processes.

Yong et al. investigated the effects of cryogenic treatment on the cutting performance of tungsten
carbide (G10E) during milling of ASSAB 760 medium carbon steel with and without the presence of
coolant. The cryo-treated tool showed a better performance especially during wet milling, as DCT
improves the thermal conductivity of the tool and promotes higher heat transfer at the tool/chip
interface temperatures [116].

The effects of CT on wear resistance and tool life of M2 HSS drills during high speed dry
drilling of normalized CK40 carbon were measured. The performance of three different tools,
untreated, cryo-treated, and cryo-treated followed by tempering were examined. The findings revealed
that cryo-treated drills showed better wear resistance to diffusion wear due to the formation of a
higher volume fraction of fine and homogeneous carbide particles in the matrix as demonstrated by
Figure 12 [117].

 

Figure 12. SEM images of drills after drilling of 30 holes: (a) nontreated drill and (b) cryo-treated with
tempering drill [117].

Tool wear and power consumption were considered as indicators to evaluate coated carbide inserts
subjected to CT during turning of AISI/SAE 80-55-06 SG iron. Cryo-treated inserts provided better
performance due to a reduction of the η-phase (carbide) effect on the hardness and wear resistance
by CT, as it promotes a uniform distribution of refined carbide particles and their denser and more
coherent bonding with the matrix. Figure 13 shows flank and crater wear of cryo-treated (a and c) and
untreated (b and d) cutting tools at a cutting speed of 250 m/min, feed rate of 0.1 mm/rev, and depth of
cut 0.8 mm [118].
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Figure 13. Flank and crater wear of cryo-treated (a,b) and non-treated (b,d) inserts [118].

SreeramaReddy et al. examined the effects of DCT on tungsten carbide cutting tool inserts
performance during machining of C45 steel [119]. Cutting tool flank wear, cutting force, and surface
roughness were set as indicators to evaluate the machinability of C45 and deep cryogenic treated
tungsten carbide inserts. The cutting tool durability after DCT was improved as the hardness increased
in comparison to untreated inserts. A better surface was obtained using a DCT treated tool as the
wear resistance of the insert was increased and a negligible alteration in the cutting edge geometry
was observed (Figure 14). An increment in the carbide grain size after DCT increased the thermal
conductivity of the cemented carbide as a result of an increase in carbide grain contiguity and the
dominant effect of the carbide phase. This impact reduces the tool tip temperature and improves its
resistance against the erosion.

The machinability of coated tungsten carbide tool inserts of ISO P-40 exposed to DCT has been
examined in terms of wear resistance, cutting force, and surface roughness [120]. Turning was carried
out on AISI 1040 steel using untreated and cryo-treated (−176 ◦C) cutting tools. DCT improves the
thermal conductivity of the insert and the cutting zone temperature is dissipated by the chips and
consequently encourages lesser tool wear. Higher thermal conductivity of the cutting tool plays an
important role at higher cutting speeds. This results in massive seizure through the chips and enables
the discontinuous chips, which improves tool life by reducing the adhesive wear rate of cutting edges
leading to better surface finish [121].

85



Materials 2019, 12, 3302

 

Figure 14. Surface roughness at different cutting speeds of P-30 insert [119].

Sundaram et al. applied DCT to improve the mechanical and electrical properties of copper tool
electrodes, while electrical discharge machining (EDM) of Be–Cu. A higher material removal rate
(MRR) was obtained by the cryo-treated electrodes due to an improvement of electrical conductivity,
but the impact on the electrode wear rate (EWR) was marginal [122].

Cryogenically treated copper electrodes were employed to study the effect of DCT during the
electrical discharge drilling (EDD) of Ti-6246. Hole quality in terms of surface roughness and overcut
was examined to compare cryo-treated copper electrode performance with the as-received one. MRR
and EWR produced surface finish, and the hole quality using cryo-treated electrodes was significantly
improved [123].

Gill et al. conducted an experimental investigation to examine the effects of SCT and DCT on
tungsten carbide inserts (P25) during dry turning of hot-rolled annealed steel stock (C-65). Maximum
flank wear (ISO 3685-1993) and surface roughness were considered as criteria to determine the turning
performance. Longer durability was recorded for the DCT insert followed by SCT tools as compared
to untreated ones. Cryogenic treatment causes higher precipitation of η-phase carbides within the
matrix and enhances the carbide tool life [124].

The performance of cubic boron nitride (CBN) inserts in terms of flank wear, surface finish, white
layer formation, and microhardness were compared against cryo-treated coated/uncoated carbide
cutting tools during dry turning of hardened AISI H11 steel. The surface roughness produced by
cryo-treated inserts were comparable with that generated by CBN tools. In addition, cryogenically
treated inserts provide longer tool life with a 16–23% improvement [125].

Longer tool life and 35% reduction in surface roughness (Ra) were reported using cryo-treated
AISI M2 tools during drilling of mild steel C45 as results of wear resistance improvement, and a
reduction in the anisotropy of the tool. Cryogenic temperature and soaking time were the most
influential parameters, respectively [126].

The performance of cryogenically treated M35 HSS under dry drilling of stainless steels has been
investigated. Better wear resistance and longer tool life were obtained due to the transformation of
retained austenite to martensite, higher volume fraction, and more homogenous distribution of carbide
particles [127].

Experimental trials were conducted to evaluate the performance of cryo-treated copper electrodes
and machining EDM using a dielectric mixed with graphite powder additive while machining Inconel
718. MRR and EWR were improved using the cryo-treated copper electrode, due to the formation of hard
carbide compounds on the electrode caused by the migration of carbon from the decomposed dielectric
fluid and refinement of the grains, which improved the electrical and thermal conductivity [128].
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The addition of metal powder in the dielectric improved the machining efficiency by making discharge
breakdown easier and enlarging the discharge gap [129].

The effects of CT on surface residual stresses of ground carbide surfaces after grinding using
diamond abrasive wheel were examined. Thermal residual stresses were induced due to thermal
mismatch between the WC and the Co phase. A 20% reduction in residual stresses after CT execution
was observed due to the cracking and plastic deformation in the WC grains [130].

A significant improvement of the cutting performance of cryo-treated M35 HSS during drilling of
AISI 316 austenitic stainless steel was observed in comparison to untreated drills. Tool life, surface
roughness, and hole quality were selected as criteria to assess the tool life. The improvements were
attributed to the transformation of retained austenite into martensite and a more homogeneous
distribution of carbides due to secondary carbide precipitation [131].

Kapoor et al. examined the performance of deep cryo-treated brass electrodes during EDM of
En-31. Significant improvement of the electrical conductivity and MRR after DCT was observed due to
refinement of grains and a reduction in microcavities [132]. It is worth mentioning that the electrical
conductivity is proportional to the thermal conductivity, therefore, the higher the electrical conductivity,
the higher the MRR [133,134].

Çiçek et al. examined the effect of CHT, CT, and CTT on the machinability of AISI H13, subjected
to turning using CC670 and CC650 ceramic inserts, in terms of tool wear, surface roughness, and
cutting force. A better surface quality for the CCT workpieces was obtained, followed by the CT and
CHT specimens. The cryo-tempering process reduces the workpiece hardness and encourages a lower
cutting force, tool wear, and surface roughness, due to the formation of higher volume fraction of fine
carbides [135].

The effects of DCT on the machining efficiency of microelectric discharge machining (MEDM)
of AISI 304, using copper, brass, and tungsten electrodes were evaluated. Lower EWR was obtained
using cryo-treated tungsten followed by the brass and copper electrodes with a reduction of 58%, 51%,
and 35%, respectively. A higher volume fraction of refined particles was observed within the brass
matrix after execution of DCT as compared to copper and tungsten. DCT increases average crystal size
of brass, copper, and tungsten by the value of 29%, 12%, and 4%, respectively, which results in the
enhancement of hardness and wear resistance [136].

The effects of different soaking times on durability (wear resistance) of deep cryogenic treated
AISI 316 austenitic stainless steel has been studied. Wear tests were conducted at different cutting
speeds with a constant feed rate and depth of cut under dry turning. An improvement of the wear
resistance of the cutting tool was observed. However, flank wear and crater wear were presented as a
result of new η-carbide particles in the microstructure formation and a uniform and homogeneous
distribution of small-sized carbide particles [137].

Mavi and Korkut examined the effect of CT on the performance of cemented carbide during
turning of Ti-6Al-4V. An increment of 22% of cryo-treated inserts was reported as a consequence of fine
and uniform distribution of carbide particles within the matrix. Higher thermal conductivity of the
cryo-treated inserts reduces cutting zone temperature and facilitates chip removal and consequently,
a lower cutting force and better surface roughness were obtained [138].

Three different grades of titanium alloy, Ti (grade two), Ti-6Al-4V (grade five), and Ti-5Al-2.5Sn
(grade six) subjected to SCT and DCT, were machined by EDM. Copper, copper–chromium, and
copper–tungsten electrodes were used to get a comprehensive insight into the cryogenic treatments
impact. Marginal improvement of MRR was observed [139].

The effects of DCT on the machinability and wear behavior of TiAlN coated tools under dry
turning of AISI 5140 have been studied [140]. These influences were examined by means of cutting
force, cutting zone temperature, surface texture, and the tool life. Strengthening of the TiAlN coating
on the tungsten carbide, improvement of substrate interfacial adhesion bonding, homogeneous carbide
distribution, higher hardness, and better thermal conductivity were obtained after DCT. Therefore,
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DCT coated inserts show better machinability in comparison to uncoated, conventionally treated
cutting tools.

Wear resistance and tool life of H13A tungsten carbide inserts subjected to DCT during turning
of AISI 1045 steel has been investigated. Deep cryo-treated H13A provided higher hardness, better
abrasive wear resistance, and lower toughness. DCT promotes a higher volume fraction of the cobalt
phase without swelling of the tungsten carbide grains and strengthens the bonding between the
tungsten carbide grains and the cobalt binder, which improves inserts corrosion resistance. It was
highlighted that built up edge (BUE) was the predominant mechanism of rake surface adhesion wear
of the cryo-treated inserts [141].

The effects of post treatment processes, cryogenic treatment, controlled heating, and oil quenching
on cutting performance of cemented tungsten carbide (K20) under turning of Inconel 718 superalloy
have been examined. Higher microhardness was obtained by oil quenched treatment following CT,
as the quenching increases the stresses imposed on the carbide phase (compressive stresses) and
the binder (tensile stresses) with decreasing cobalt content, which reduces ductility. In contrast, CT
tends to relieve the stresses induced during the sintering process that is used to produce carbide tools,
which improves the hardness in comparison to untreated inserts. In addition, CT encourages more
densification of the cobalt binder which is strongly bonded by tungsten carbides and improves wear
resistance and reduces cutting force [142].

The influences of different treatments on grindability of 9Mn2V using a grinding wheel (3SG80KV)
have been studied. Four treatment process were conducted: 1) quenching followed by oil cooling;
2) quenching followed by oil cooling and tempering; 3) quenching followed by oil cooling, CT, and
tempering; and 4) quenching followed by oil cooling, CT, and two times tempering. Cryogenic
treatment promotes the uniform distribution of martensite, a higher volume fraction of refined carbides,
and the transformed austenite to martensite. Carbide segregation occurred in all specimens but in
the last two treatments comprising CT, carbide segregation was improved after CT and tempering.
Machinability of two last samples was significantly improved due to higher volume fraction and
uniform distribution of secondary carbides. In addition, impact toughness improvement and residual
stresses relief on the workpieces surface due to CT and tempering, especially for the cryo-treated
sample followed by double tempering, were detected [143].

The cutting capabilities of M2 HSS drill subjected to CT, CTT, and TiAlN/TiN-coated were
evaluated while drilling Ti-6Al-4V under dry and wet conditions. Cryo-treated drills show higher wear
resistance as compared to untreated and TiAlN/TiN-coated. After CT execution, the tool microstructure
received finer carbide particles with a homogenous distribution, as well as a higher volume fraction of
martensite, which encourages longer tool life in comparison to untreated drills. Cryogenic treatment is
more cost effective than coating and brings fairly remarkable improvements [144].

Özbek et al. evaluated uncoated and deep cryo-treated tungsten carbide insert’s performance
while turning an austenitic stainless steel (AISI 316). Flank, notch, and crater wear were selected as
indicators to examine the tool life. A higher volume fraction of fine η-carbides after DCT execution,
improved the hardness and wear resistance. DCT encourages larger grain size and better thermal
conductivity which improved the flank wear by 34% and the crater wear by 53% [145].

Xu et al. examined the effects of DCT on the residual stresses and mechanical properties of electron
beam (EB)-welded Ti-6Al-4V (TC4) joints [146]. Soaking time influence was evaluated to determine an
optimum time. It was highlighted that a reduction in longitudinal and transversal residual stress (with
respect to welding direction) after DCT was different. It was observed that the hardness in the welded
area was higher than that in the base metal, and the average values of hardness increased with DCT
due to the alteration of quantity, size, and morphology of the α and β phases.

Khanna and Singh studied the impact of DCT on machining efficiency using a high chromium
cold alloy tool (D3) during WEDM (wire-cut electrical discharge machining). MRR was reduced by
5.6% after DCT due to an improvement of thermal conductivity as result of the transformation of
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retained austenite to martensite and the refinement of carbide particles, which promotes the heat flow
laterally across the line of the cut [147].

The machinability of the AISI D2 tool steel subjected to DCT during EDM using copper electrodes
has been investigated. Higher MRR (~18% enhancement), lower EWR, and surface roughness (26% and
11% improvement, respectively) were obtained after DCT as compared to untreated workpieces [148].

The performance of cutting inserts PVD AlTiN-coated (KC5525) and uncoated (K313) subjected to
the DCT during dry turning of Nimonic 90 alloy were investigated. DCT promotes the formation of
η-phase carbide particles and grain refinement which results in higher hardness and wear resistance.
In addition, DCT strengthens the coating and reduces the failure probability in comparison to coating
durability and damage of untreated inserts [149].

Khan et al. used cryo-treated K313 inserts during dry turning of CP-Ti grade two to evaluate the
effects of DCT on tool performance. DCT increased the microhardness, wear resistance, and improved
the chip formation phenomena such as chip compression ratio and friction coefficient. An increment of
η-phase carbides is to be recognized as the main contributor to these improvements [150].

Naveena et al. carried out experimental trials to evaluate cryogenically treated tungsten carbide
under drilling of AISI 304. Surface roughness using cryo-treated tools was reduced by 40% due to
the enhancement of wear resistance and cutting edge stability. DCT encouraged a 19% reduction
in average grain size of the α-phase and consequently, increased the hardness. Furthermore, DCT
reduced the volume fraction of β-phase Co which implied combination of cobalt with WC particles to
form η-phase carbides [151].

The research works devoted to examining the effects of CT on machinability of different materials
subjected to nonconventional and conventional manufacturing process have been tabulated by Tables 4
and 5, respectively.

Table 4. Literature data related applying cryogenic treatment in nonconventional manufacturing
process.

First Author, [#] Process Tool Material
Workpiece
Material

Key Findings

Sundaram [122] EDM Copper Be–Cu
Higher MRR due to electrical conductivity

improvement, and marginal effect on
electrode life

Gill [123] EDD Copper Ti-6246 DCT improves MRR, electrode life, and
surface finish.

Kumar [128] EDM Copper Inconel 718
MRR and EWR have been improved due
to formation of hard carbide compounds

on the electrode.

Kapoor [132] EDM Brass En-31

Improvement of electrical conductivity
and MRR after DCT has been achieved

due to refinement of grains and reduction
in microcavities.

Jafferson [136] MEDM Copper AISI 304

DCT encourages average crystal size of
brass, copper, and tungsten by the value of

29%, 12%, and 4%, respectively, which
result in enhancement of hardness and

wear resistance.

Kumar [139] EDM Copper and
Copper-Tungsten

Ti, Ti-6Al-4V, and
Ti-5Al-2.5Sn

Marginal improvement of MRR was
observed.

Xu [146] EB welding N.A. Ti-6Al-4V

Due to alteration of quantity, size, and
morphology of the α and β phases after

DCT, hardness in welded area was higher
than that in the base metal.

Khanna [147] WEDM N.A. AISI D3

Transformation of retained austenite to
martensite and refinement of carbide

particles after DCT execution, thermal
conductivity has been improved.

Goyal [148] EDM Copper AISI D2

Higher MRR (~18% enhancement), lower
EWR, and surface roughness (26% and
11% improvement, respectively) were

obtained after DCT.
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Table 5. Literature data related applying cryogenic treatment in conventional manufacturing process.

First Author, [#] Process Tool Material
Workpiece
Material

Key Findings

Yong [116] Milling Tungsten carbide
G10E ASSAB 760 DCT improves tool life as consequence of higher

heat transfer.

Firouzdor [117] Drilling M2 HSS CK40 Better wear resistance against diffusion wear.

Vadivel [118] Turning Coated carbide
inserts

AISI/SAE 80-55-06
SG

Higher hardness and better wear performance
due to uniform distribution and higher volume

fraction of refine carbides particles.

SreeramaReddy
[119] Turning Tungsten carbide C45 steel

Increment of carbide grain size after DCT
increased the thermal conductivity and reduced

cutting tool tip temperature.

Reddy [120] Turning ISO P-40 AISI 1040 Lower tool wear due to thermal conductivity
improvement after DCT has been observed.

Gill [124] Turning P25 C-65
Longer durability was recorded for DCT insert
followed by SCT due to higher precipitation of

η-phase carbides.

Dogra [125] Turning Cubic boron nitride
(CBN) AISI H11 16%–23% tool life improvement has been

reported.

Shirbhate [126] Drilling AISI M2 C45
Longer tool life and 35% reduction in surface

roughness (Ra) were reported after DCT
execution.

Çiçek [127] Drilling M35 HSS Stainless steels

Longer tool life was obtained due to
transformation of retained austenite to

martensite and homogenous distribution of
carbides particles.

Yuan [130] Grinding Diamond abrasive
wheel

Ultra-fine grade
cemented carbide

20% reduction in residual stresses after CT
execution were observed due to the cracking and

plastic deformation in the WC grains.

Çiçek [131] Drilling M35 HSS AISI 316
Transformation of retained austenite into

martensite and more homogeneous distribution
of carbides provided better tool performance.

Çiçek [135] Turning Ceramic Inserts AISI H13
DCT reduces tool wear and surface roughness as
result of higher volume fraction of fine carbides

formation.

Özbek [137] Turning Cemented carbide AISI 316 Tool life was improved due to homogeneous
distribution of small-sized carbide particles.

Mavi [138] Turning Cemented carbide Ti-6Al-4 V Tool life has been improved by 22% due to higher
thermal conductivity improvement.

He [140] Turning Tungsten carbide AISI 5140
DCT coated inserts were shown better

machinability in terms of cutting force, cutting
zone temperature, surface texture, and tool life.

Thornton [141] Turning H13A AISI 1045
Better corrosion resistance obtained due to
strengthen of carbide grains and the cobalt

binder.

Thakur [142] Turning K 20 Inconel 718
CT encourages more densification of the cobalt
binder which is strongly bonded by tungsten
carbides and improves tool wear resistance.

Dong [143] Grinding Grinding wheel
(3SG80KV) 9Mn2 V

Improvement and releasement of residual
stresses on the workpieces surface has been

improved.

Kivak [144] Drilling M2 HSS Ti-6Al-4 V
It was concluded that CT is more cost effective

than coating which brings remarkable
improvements.

Özbek [145] Turning Tungsten carbide AISI 316
Higher volume fraction of fine η-carbides after

DCT execution improves the hardness and wear
resistance.

Chetan [149] Turning KC5525 and K313 Nimonic 90
DCT strengthens the coating and reduces failure
probability in comparison to coating durability

and damage on untreated inserts

Khan [150] Turning K313 CP-Ti grade 2 DCT increases microhardness, wear resistance
and improves chip formation phenomenon.

Naveena [151] Drilling Tungsten Carbide AISI 304
DCT encourages 19% reduction in average grain
size of α-phase and consequently increases the

hardness and improves wear resistance.
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7. Conclusions

A literature survey has been conducted to focus on cryogenic treatments effects on microstructural
alteration and its correlation with material mechanical properties and manufacturability. Comparative
investigations have been made to evaluate the effects of CHT, SCT, and DCT on the microstructure
and mechanical property variations. The effects of important parameters and their interactions such
as austenitizing temperatures, ramp down, soaking time, and temperature, as well as ramp up, are
discussed. The review of the literature implies that the evaluation of microstructural variations due to
cryo-treatment and their interaction with mechanical properties is a complex phenomenon. Therefore,
these complexities of interactions of microstructural alteration and mechanical properties depend on
the adopted methods such as prior and supplementary treatments (austenitizing, quenching, and
tempering), influential parameters, and demanded accuracy.

A review of the literature and the synthesis of technical contributions indicates various ways
to execute cryogenic treatments. The important conclusions of this literature survey and the future
directions are suggested as follows:

• In almost all steels, elimination of retained austenite, the increment of carbide volume fraction with
homogenous distribution, and uniform size, as well as the formation of fine secondary carbide
precipitation, are the greatest contributor to hardness improvement after DCT. Microstructure
during SCT experiences these changes with a lower magnitude in comparison to DCT, but more
efficiently than CHT;

• Uniform carbide distribution and homogeneous particle size, along with the formation of new small
size carbides, have been obtained after DCT which result in higher wear resistance. Meanwhile,
the formation of η-carbide and a homogeneous distribution of the produced carbides are the
most important players in wear resistance improvement, rather than only the elimination of
retained austenite. In the case of CT of steels, to obtain better properties and to improve treatment
efficiency, it is recommended that austenizing, quenching, DCT, and tempering are carried out
one after another in a cycle;

• Homogenous distribution of secondary carbides and the transformation of retained austenite to
martensite after SCT and DCT improve fatigue strength and tensile toughness;

• Applying appropriate cooling temperature and soaking time causes substantial transformation of
the soft austenite into hard martensite and in addition, metallurgical alteration of the martensite
can be obtained;

• It is relevant to note that martensitic transformation never goes to completion after DCT, and
the retained austenite always exists in the structure of high-carbon martensite. However, further
tempering is suggested to boost the elimination of austenite and the formation of secondary
carbides within the martensite;

• DCT encourages the increment of carbide grain size and improves the thermal conductivity of
cemented carbide cutting tools. Therefore, as consequence of the increment in carbide grain
contiguity, and the dominant effect of the carbide phase, higher wear resistance, and better surface
roughness can be obtained;

• It is recommended to standardize the CT cycles including ramp down, soaking time and
temperature as well as ramp up and supplementary processes, to optimize the properties of each
specific material. Process qualification and standards would be drafted and validated for more
promising alloys;

• The effects of CT on different cutting tools needs to be clarified and standardized to improve the
performance of inserts in terms of wear, hardness, dimensional stability, and thermal conductivity.

• Special efforts are required to characterize the correlation between microstructural alterations and
wear mechanisms of cutting tools from different materials.
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Nomenclature

Conventional heat treatment CHT
Cryogenic treatment CT
Cryogenic treatment followed by tempering CTT
Cryogenic-ageing circular treatment CACT
Deep cryogenic treatment DCT
Deep cryogenic treatment pluse tempering DCTT
Differential scanning calorimetry DSC
Electron back scattered diffraction EBSD
Electrical discharge machining EDM
Electrode wear rate EWR
Electric discharge drilling EDD
Friction Stir Welding FSW
Microelectric discharge machining MEDM
Material removal rate MRR
Maximum Likelihood Estimation MLE
Optical microscopy OM
Subzero treatment SZT
Shallow cryogenic treatment SCT
Scanning electron microscopy SEM
Transmission electron microscopy TEM
Tungsten Inert Gas Welding TIG
Wire-cut electrical discharge machining WEDM
X-ray diffraction XRD
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44. Jeleńkowski, J.; Ciski, A.; Babul, T. Effect of deep cryogenic treatment on substructure of HS6-5-2 high speed
steel. J. Achie. Mater. Manuf. Eng. 2010, 43, 80–87.

45. Senthilkumar, D.; Rajendran, I.; Pellizzari, M.; Siiriainen, J. Influence of shallow and deep cryogenic treatment
on the residual state of stress of 4140 steel. J. Mater. Process. Technol. 2011, 211, 396–401. [CrossRef]

46. El Mehtedi, M.; Ricci, P.; Drudi, L.; El Mohtadi, S.; Cabibbo, M.; Spigarelli, S. Analysis of the effect of deep
cryogenic treatment on the hardness and microstructure of X30 CrMoN 15 1 steel. Mater. Des. 2012, 33,
136–144. [CrossRef]

47. Li, J.; Tang, L.; Li, S.; Wu, X. Finite element simulation of deep cryogenic treatment incorporating
transformation kinetics. Mater. Des. 2013, 47, 653–666. [CrossRef]

48. Candane, D.; Alagumurthi, N.; Palaniradja, K. Effect of cryogenic treatment on microstructure and wear
characteristics of AISI M35 HSS. Int. J. Mater. Sci. Appl. 2013, 2, 56–65. [CrossRef]

49. Akhbarizadeh, A.; Javadpour, S. Investigating the effect of as-quenched vacancies in the final microstructure
of 1.2080 tool steel during the deep cryogenic heat treatment. Mater. Lett. 2013, 93, 247–250. [CrossRef]

50. SreeramaReddy, T.V.; Sornakumar, T.; VenkataramaReddy, M.; Venkatram, R. Machining performance of low
temperature treated P-30 tungsten carbide cutting tool inserts. Cryogenics 2008, 48, 458–461. [CrossRef]

51. Zhang, H.; Chen, L.; Sun, J.; Wang, W.; Wang, Q. Influence of Deep Cryogenic Treatment on Microstructures
and Mechanical Properties of an Ultrafine-Grained WC–12Co Cemented Carbide. Acta Met. Sin. 2014, 27,
894–900. [CrossRef]

52. Idayan, A.; Gnanavelbabu, A.; Rajkumar, K. Influence of deep cryogenic treatment on the mechanical
properties of AISI 440C bearing steel. Procedia Eng. 2014, 97, 1683–1691. [CrossRef]

53. Xie, C.H.; Huang, J.W.; Tang, Y.F.; Gu, L.N. Effects of deep cryogenic treatment on microstructure and
properties of WC-11Co cemented carbides with various carbon contents. Trans. Nonferr. Metal. Soc. 2015, 25,
3023–3028. [CrossRef]

54. Yuan, C.; Wang, Y.; Sang, D.; Li, Y.; Jing, L.; Fu, R.; Zhang, X. Effects of deep cryogenic treatment on the
microstructure and mechanical properties of commercial pure zirconium. J. Alloy Compd. 2015, 619, 513–519.
[CrossRef]

55. Pérez, M.; Belzunce, F.J. The effect of deep cryogenic treatments on the mechanical properties of an AISI H13
steel. Mater. Sci. Eng. A 2015, 624, 32–40. [CrossRef]

56. Mohan, K.; Suresh, J.A.; Ramu, P.; Jayaganthan, R. Microstructure and Mechanical Behavior of Al 7075-T6
Subjected to Shallow Cryogenic Treatment. J. Mater. Eng. Perform. 2016, 25, 2185–2194. [CrossRef]

57. Nazarian, H.; Krol, M.; Pawlyta, M.; Vahdat, S.E. Effect of sub-zero treatment on fatigue strength of aluminum
2024. Mater. Sci. Eng. A 2018, 710, 38–46. [CrossRef]
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Abstract: The effects of surface roughness, presence of nitrided diffusion regions, and magnetron
sputtering of Cr2N–6Ag thin films on the toughness of Cr–V ledeburitic Vanadis 6 die steel were
investigated by using the flexural strength measurement method, which was coupled with careful
microstructural investigations and analyses of fractured surfaces. The results undoubtedly show
that enhanced surface roughness reduces the material toughness, since the cusps formed on the
metallic surface as a result of the machining act as preferential sites for crack nucleation and growth.
The presence of nitrided regions on the surface, on the other hand, forms a structural notch there,
which has a strong detrimental effect on toughness. Deposition of Cr2N–6Ag thin films has only
marginal effect on the steel toughness. Practical recommendations for the designers, heat treaters,
and coaters of the tools are thus that they should maintain the surface finish quality of the tools as
high as possible, avoid too thick and supersaturated nitrided regions, and that there is almost no risk
of tool embrittlement due to physical vapor deposition (PVD) coating.

Keywords: Vanadis 6 die steel; surface finish; nitriding; PVD coating; toughness; fractography

1. Introduction

High-carbon, high-chromium, and high-vanadium cold work tool steels have been frequently used in
modern industries in applications where superior wear resistance and strength are required. This includes
industrial branches like powder compacting, paper cutting, sheet forming, and fine blanking.

The high strength and hardness, and excellent wear resistance of these tool steel grades are a
result of the standard heat treatment procedure. It comprises vacuum austenitizing, holding at the
desired temperature for a pre-determined duration, and inert gas quenching, followed by immediate
tempering. Properly performed heat treatment provides the steels with a hardness of around 60 HRC
at the secondary hardness peak. Excellent wear resistance is ensured by a high amount of carbides,
among which the MC particles play a dominant role.

However, ledeburitic steels generally have low toughness. Moreover, these materials suffer
from poor and inhomogeneous carbide distribution when manufactured by classical ingot metallurgy.
This causes an “extra” embrittlement of the materials and a great level of anisotropy of the mechanical
properties [1]. Advanced powder metallurgy (PM) ledeburitic steels do not manifest anisotropy of the
mechanical properties [2]. Despite that, their toughness (being represented by flexural strength) is
limited by approx. 4000 MPa, and the fracture toughness is around 15–16 MPa·m1/2 [3], at a hardness
of 60–61 HRC.

After the heat treatment, the tools should be surface finished before their use. Surface finishing
involves machining operations like fine grinding, lapping, and polishing. These operations provide the
tools with the final surface roughness, which is specific for each of them. Fine grinding, for instance,
results in surface roughness (Ra) of 0.2–0.4 μm, while lapping reduces the Ra to a level of 0.02 μm,
and polishing provides the metallic surface with a so-called “mirror finish”.
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It is well known that the surface roughness may have important impacts on the toughness of
brittle materials like dental ceramics, as pointed out by Vasconcellos Amarante et al. [4] and by
Hallmann et al. [5]. One can expect that the toughness of heat-treated ledeburitic tool steels will also
be influenced by surface roughness, as they belong to the group of relatively brittle materials. Despite
that, the information on the effect of surface roughness on fracture performance of ledeburitic steels
is lacking, and there is no comprehensive study on this effect published yet. Only Spies, Riese,
and Hoffmann [6] reported that the flexural strength of hardened and tempered M2 high-speed steel
decreased from 3780 to 3700 and 3600 MPa when the surface roughness increased from 0.1 to 0.5 and
1 μm, respectively.

Plasma nitriding has been widely used in steels, resulting in benefits such as the increase of fatigue
life [7], the improvement of tribological properties [8,9], and the increase of corrosion resistance [10].
The plasma nitriding applied to tool steels has recently gained a new impulse with the development of
duplex coating, which is a combined treatment consisting of the deposition of a hard physical vapor
deposition (PVD) layer on a pre-nitrided surface [11–16]. The presence of an intermediate hardened
layer under very hard thin films has shown benefits for the mechanical properties of the surface.
Bell et al. [17], for instance, suggested a better load bearing capacity, improved fatigue resistance, and a
smooth hardness profile from the surface to the substrate, resulting in lower levels of residual stresses
in the layer/substrate interface. It was also demonstrated that the duplex coating leads to much better
adhesion of thin films to the substrates [12,13,16] and higher wear resistance [12,14], and thereby leads
to manyfold extended tool service life [11,15,18].

All the cited works show the benefits of nitriding the surfaces of tool steels. Nevertheless,
nitrogen input to the surface makes the steel harder and therefore more brittle. Embrittlement of
ledeburitic tool steels has been indicated by Hock et al. [19], and later experimentally proved by
Kwietniewski et al. [20] by industrial testing of nitrided and duplex-coated single-point turning tools.
Unfortunately, the embrittlement has not been determined exactly but only estimated based on
evaluation of tools damage as well as by microstructural evaluation of nitrided surfaces. Hence,
an exact assessment of the effect of a nitrided surface on the bulk toughness is not available in the
scientific literature to date.

Thin ceramic films based on transition metal nitrides (carbides, oxides) have been proven to be
good candidates for protecting the base tool steel against wear, corrosion, and other unwanted damage.

In the field of thin solid films, PVD (physical vapor deposition)-produced titanium nitride (TiN) is
still the most widely accepted in engineering applications. The combination of high hardness, wear
resistance, chemical inertness, and low friction coefficient characteristics in TiN makes it attractive
as a tribological coating. However, the main drawback of TiN is its limited oxidation resistance
(approximately 500 ◦C). The resistance against high-temperature oxidation can be improved by the
addition of Al and Cr [21,22]. TiAlN coatings have been developed as alternatives to TiN because of
their higher corrosion resistance (up to 750 ◦C) and higher hardness [23]. But their wear performance
at ambient temperature is negatively influenced due to their high friction coefficient [24].

Another alternative to TiN are the CrxNy films, which have been developed over the past three
decades. They have gained early popularity in a variety of industrial applications due to superior
wear resistance [25,26], good corrosion resistance [27–29], and good cutting properties in copper
machining [30], aluminium die casting [29], or in woodworking [31,32]. CrxNy films can be synthesized
in wide ranges of chemistries, phase constitutions, and properties. The microhardness of CrxNy films
ranges between 1500 and 3000 HV [30,33–36]. The Young modulus can also be varied, from the lowest
values of around 188 to the highest ones of 315 GPa [33,35]. The adhesion of CrxNy thin films can be
influenced by their phase constitution [37] and internal stress level [37], but also by proper selection
of the substrate. Adhesion is better when hard substrates (ledeburitic steels, cemented carbides)
are coated [32,34,38]. Later, it was found that small additions of silver can provide the CrxNy films
with self-lubricating properties and very low friction coefficients, with almost unaffected or rather
slightly improved nanohardness and adhesion [39–42]. Despite the high universality of CrxNy films,
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their use is not possible in selected cases. Carlsson and Olsson [43], for instance, concluded that
metal–carbide-doped diamond-like carbon (DLC) coatings are good candidates for tool coatings in
the dry cold forming of hot dip Zn steel sheets. These steel sheets are not suited for dry forming
due to severe material pick-up, and the use of CrxNy coating fails in these cases due to high friction
coefficients and material transfer from the steel sheet surfaces.

Even though a great number of scientific papers have been published about the growth,
microstructure, and key properties of PVD thin films, only a little attention has been paid to the effect
of the presence of thin ceramic films on the substrate toughness.

To the best knowledge of the author, no comprehensive and overview report has been made so far
to review the influence of different surface treatments on the toughness of ledeburitic steels. The major
aim of the present overview is to overcome this limitation and to summarize, review, and discuss
the existing information about the effect of different surface states on the toughness of powder
metallurgy cold work die steel Vanadis 6. The impacts of different surface roughness developed by
machining operations, presence of plasma-nitrided regions with different thickness and microhardness,
and influence of CrAgN nanocomposite thin films on the flexural strength (toughness measure) of the
experimental material will be presented, analyzed, and discussed. In the text, the original papers will
be referred to in some places in order to avoid potential confusions.

2. Description of Experimental Material, Processing, and Investigations Methods

A commercially available PM ledeburitic cold work tool steel Vanadis 6 (Uddeholm AB, Hagfors,
Sweden) with a nominal composition (wt.%) of 2.1% C, 1.0% Si, 0.4% Mn, 6.8% Cr, 1.5% Mo, 5.4%
V, and Fe as the balance was used as an experimental material. The initial state of the material was
soft-annealed, with a hardness of 284 HV10. The microstructure of the steel manifests a high degree of
isotropy. Hence, the orientation of the semi-finished product was disregarded in sampling [2].

Two types of specimens were manufactured. The first ones were cylinders with 20 mm in diameter
and 6 mm in thickness for microstructural examinations, and the second group of specimens was
plates with dimensions (thickness ×width × length) of 1 × 10 × 100 mm (Figure 1) for flexural strength
determination. All the specimens were milled to a surface roughness of 6 μm and subjected to the
pre-determined heat treatment schedule. The heat treatment consisted of the following steps: Gradual
heating up to the desired austenitizing temperature TA (1050 ◦C) in a vacuum furnace and then holding
at that temperature for 30 min to homogenize the austenite, which was followed by quenching by
nitrogen gas (5 bar pressure). Immediately after quenching to the room temperature, the specimens
were moved to a tempering furnace. Double tempering was carried out at a temperature of 530 ◦C,
with a duration of each tempering cycle of 2 h. The material was cooled down slowly to the room
temperature after each tempering cycle.

Figure 1. A schematic of the specimens used for flexural strength determination.

Then, the specimens were divided to several batches (Table 1).
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Table 1. Characterization of specimen batches used in the experimental works.

Batch Surface Finish Post Heat Treatment Total Number of Specimens

1 Milled, Ra = 6 μm No 5
2 Ground, Ra = 0.3 μm No 5
3 Mirror finish polished, Ra = 0.017 μm No 5
4 Mirror finish polished, Ra = 0.017 μm Plasma nitriding 15
5 Mirror finish polished, Ra = 0.017 μm Coating with Cr2N-6Ag 5

Batches 1, 2, and 3 were examined without any post-heat treatment. Batch 4 was subjected to the plasma nitriding,
and the specimens from Batch 5 were coated with a Cr2N–6Ag nanocomposite thin film.

Plasma nitriding was performed in a RUBIG PN 60/60 (Rubig GmBH, Wels, Austria) device at
different temperatures and for various processing durations (Table 2). Five specimens (from Batch 4;
Table 1) were treated at each of processing parameter combinations. First, the specimens were cleaned
and degreased in an ultrasonic acetone bath for 15 min. Then, they were moved to the plasma nitriding
device, where they were heated up to the pre-determined temperature, and sputter cleaned for 30 min
in a pure hydrogen atmosphere in order to activate the surface. Afterwards, an atmosphere containing
nitrogen and hydrogen in a ratio of 1:3, at a pressure of 300 Pa, was introduced into the processing
chamber. The plasma nitriding procedures were carried out by using a voltage of 500 V, in a pulse
regime with the pulse time of 100 μs. After the plasma nitriding, the specimens were cooled down
slowly to the room temperature.

Table 2. List of plasma nitriding parameters applied for the treatment of specimens.

Batch Temperature (◦C) Duration (min)

4.1 470 30
4.2 500 60
4.3 530 120

Cr2N–6Ag thin films were synthesized in a Hauzer-Flexicoat 850 (Hauzer, Venlo, The Netherlands)
magnetron sputter deposition system, in a pulse regime with a frequency of 40 kHz. For the growth of
the Cr2N–6Ag films, two water-cooled cathodes, the first one made of chromium with the standard
purity of 99% and the second one manufactured out of silver with the purity of 99.98%, were used.
The cathodes were positioned opposite to one another, at an angle of 45◦ with respect to the substrate
surface. The output power of the Cr cathode was 5.8 kW, and that of the Ag cathode was 0.2 kW,
in order to add 6 mass% of Ag into the base Cr2N.

The substrates were placed between the targets on rotating holders with a rotation speed of 3 rpm.
At the beginning of the process, pure Ar (99.999% purity) was introduced into the processing chamber
in order to sputter clean the substrates. During the cleaning step, the substrate temperature reached
250 ◦C, the negative substrate bias was 200 V, and the duration of sputter cleaning was 15 min. Just
prior to deposition, both targets were sputter cleaned for 7 min, with the samples covered with a
protective shutter during this period. Next, pure N2 (99.998% purity) was introduced into the chamber
to obtain an atmospheric composition of N2:Ar = 1:4.5 and a pressure of 0.15 mbar. A negative substrate
bias of 100 V was used for the growth of the films. The deposition temperature was increased to 500 ◦C
by the use of internal wall resistive heaters.

The microstructure of the examined steel was evaluated by light microscopy, by using a Neophot
32 apparatus (Carl Zeiss AG, Oberkochen, Germany). The same light microscope was used for the
inspection of the surface morphologies of the specimens with different roughness as well as for
microstructural investigations of differently plasma nitrided specimens. The specimens were Nital (3%
ethanol solution of nitric acid) etched after standard metallographic preparation.

For more precise examinations, however, scanning electron microscopy (SEM) and transmission
electron microscopy (TEM) were used. A JEOL JSM 7600 F (Jeol Ltd., Tokyo, Japan) apparatus equipped
with an energy-dispersive spectroscopy (EDS) detector (Oxford Instruments, plc., High Wycombe,
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UK) and a wavelength-dispersive spectrometry (WDS) detector was used for SEM observations.
The microstructure was recorded in the secondary electron (SE) detection regime. The microstructure
of magnetron-sputtered thin films was examined on the fractured surfaces of specimens prepared as
follows: After deposition, the specimens were immersed into liquid nitrogen, held there for 15 min,
and broken down. Then, they were reheated slowly to room temperature, cleaned ultrasonically
in acetone, and dried before inserting into the SEM. TEM was carried out by using a JEOL 200CX
microscope (Jeol Ltd., Tokyo, Japan) operating at an acceleration voltage of 200 kV. Thin foils were
made by a standard preparation technique. Pieces with square cross-sections and thickness of 0.15 mm
were cut off from the material, and mechanically thinned to a thickness of approximately 20 μm.
The final thinning was realized by using an electrolytic jet-polisher (Tenupol 5).

Microhardness depth profiles throughout the nitrided regions and the base material microhardness
were measured with a Buehler Indentament 1100 tester (Buehler Ltd., Lake Bluff, IL, USA), at a load of
50 g (HV 0.05) and loading time of 20 s.

The nanohardness and the Young´s modulus (E) of Cr2N–6Ag thin films were measured by using
a NanoTest (Micro Materials Ltd, Wrexham, UK) nanohardness tester. The maximum normal load was
20 mN, and a Berkovich indenter was employed. Ten measurements were made, and the mean value
and the standard deviation were then calculated. The penetration depth (and loading) was chosen to
not exceed one tenth of the total coating thickness.

In order to analyze the chemical composition throughout the Cr2N–6Ag thin films, Glow Discharge
Optical Emission Spectroscopy (GDOES) by using a Spectruma GDA 750 (Spectruma Analytik GmbH,
Hof, Germany) device was carried out.

Flexural strength was determined by using an Instron 8862 testing device (Instron, Norwood,
MA, USA), with the distance between loading roller supports of 80 mm, at an ambient temperature.
Specimens were loaded in three-point bending at a loading rate of 1 mm/min, up to the moment
of fracture. Flexural strength was determined from the maximum (fracture) load according to a
standard approach. In addition, the total work of fracture (Wof) was determined as deformation energy
evaluated from corresponding area below the measured load–deflection (load–displacement) curve.

The flexural strength was calculated using the formula:

Rmo =
3× F× lo

2× B2 ×W
(1)

where Rmo is the flexural strength, F is the load at the fracture point, Lo is the distance between supports,
and B and W are the thickness and width of the specimen, respectively.

The fracture surface morphology was investigated by a JEOL JSM 7600F scanning
electron microscope.

3. Results, Discussion, and Practical Recommendations

3.1. Microstructure of Examined Steel

Figure 2 is a compilation of differently acquired micrographs showing the microstructure of the
examined steel after realization of the heat treatment schedule. An optical micrograph, shown in
Figure 2a, demonstrates that the microstructure of the steel is composed of tempered martensite and
undissolved carbides, which are uniformly distributed throughout the martensitic matrix. The sizes of
the carbides range from several hundreds of nm up to approx. 3 μm. A more detailed SEM micrograph,
shown in Figure 2b, enables us to distinguish between eutectic carbides (ECs), secondary carbides
(SCs), and small globular carbides (SGCs), according to the classification published recently [44].
The martensite manifests clear lath morphology, with no presence of retained austenite as this phase is
decomposed by high temperature tempering. A bright-field TEM micrograph, shown in Figure 2c,
shows that many of the martensitic laths are internally twinned. The widths of the twins are of around
20–30 nm. There are a lot of precipitates located inside the twins. This is sufficient for obtaining the
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dark-field image, shown in Figure 2d, as well as for obtaining a good intensity of reflections in the
corresponding diffraction patterns, as shown in Figure 2e. Analysis of the reflections disclosed that the
particles are of cementitic nature.

Figure 2. Microstructure of the experimental material after the given heat treatment schedule. (a) Optical
micrograph, (b) SEM micrograph, (c) bright-field TEM micrograph showing internally twinned
martensitic laths, (d) corresponding dark-field micrograph showing precipitates inside the martensitic
domain, and (e) diffraction patterns of the precipitates.

The as-tempered hardness of the material was 733 ± 9 HV10, and the fracture toughness was
determined to be 15.72 ± 0.31 MPa·m1/2 [3].

3.2. Effect of Surface Roughness

The effect of surface roughness on toughness of the Vanadis 6 steel was investigated in our recent
work [45]. Figure 3 shows plan-view optical micrographs showing the surface finishes of the tested
specimens. After milling, the surface roughness was 6 μm (Figure 3a). Subsequent grinding led to a
substantial reduction of surface roughness, to a value of 0.3 μm (Figure 3b). The third batch of the
specimens was subjected to mirror polishing, and the surface was then very smooth (Figure 3c).
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Figure 3. Plan-view optical micrograph showing the surfaces of specimens made of Vanadis 6 steel
with different roughness: (a) Milled, (b) fine ground, and (c) polished. Adapted from the corresponding
literature [45]. (Copyright, Materials Engineering/Materiálové inžinierstvo, 2011).

The load–flexure diagrams obtained by the flexural strength testing of specimens with different
surface roughness are shown in Figure 4. It is shown that all the curves manifest the load–flexure
dependence typical for hard and relatively brittle steels, i.e., there is linear dependence of these two
quantities evident up to relatively high loading, which is followed by a small region suggesting limited
plastic behavior of the material at higher loading. Alternatively, there is also an apparent difference
between the load–flexure traces visible on the diagram—the load at the fracture moment decreases
with increasing surface roughness.
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Figure 4. Load–flexure diagrams of the specimens with different surface roughness.

Figure 5 shows the dependence of flexural strength on the surface finish. It is shown that
the flexural strengths for both the polished specimens (Ra = 0.017 μm) and the fine ground ones
(Ra = 0.3 μm) were of around 4000 MPa, and the differences lie within the range of statistical uncertainty
of the obtained results, even though the polished surface state seems to be more convenient from the
point of view of high-material toughness maintenance (due to its slightly higher mean value as well
as smaller scatter of the obtained results). Alternatively, the flexural strength of the milled material
(Ra = 6 μm) manifests a clear decrease.

Figure 5. Flexural strengths of specimens made of the Vanadis 6 steel with different surface finish.
Adapted from the corresponding literature [45]. (Copyright, Materials Engineering/Materiálové
inžinierstvo, 2011).

The differences in flexural strength values, shown in Figure 5, are reflected in the values of the
work of fracture, shown in Figure 6. As shown here, the work of fracture of polished material is almost
the same as that of ground steel, and the differences lie within the range of statistical uncertainty of the
results. On the other hand, the work of fracture of milled steel is lower despite its statistical uncertainty
range considerably overlapping with those calculated for both the polished and ground specimens.
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In other words, the dependence of the work of fracture on the surface finish closely follows the flexural
strength dependence on the same surface parameter.

Figure 6. Work of fracture of specimens made of the Vanadis 6 steel with different surface finish.
Adapted from the corresponding literature [45]. (Copyright, Materials Engineering/Materiálové
inžinierstvo, 2011).

A compilation of SEM micrographs showing fractured surfaces of specimens with different
surface roughness is shown in Figure 7. All the fractured surfaces manifest combined low-energetic
ductile and cleavage morphology of the surface. The ductile component of the fracture is initiated
mainly at the carbide/matrix interfaces, where microvoids are formed as a result of different plasticities
(and stiffness) of the matrix and carbides. The carbides that assist in decohesive crack propagation
(note that the formation of microvoids results from the decohesion at the phase interfaces) are denoted
as DCs (Figure 7a,c,e). Coarser carbide particles undergo cleavage mechanisms of crack propagation
more easily, and these carbides are marked as FCs (fractured carbides). The matrix mainly manifests
so-called “dimple” morphology of fractures, which is associated with micro-plastic deformation (MPD),
mainly on the sites of carbide/matrix interfaces. However, cleavage facettes (CLF) are also visible
on the micrographs (Figure 7b,d,f). Even though the fractured surfaces appear very similar with
respect to their morphology, the dimples at the carbide/matrix interfaces are deeper in the case of the
specimens with better surface quality (polished). A comparison is shown in Figure 7b,d,f. This is
due to higher levels of plastic deformation before the fracture, and is in good agreement with the
results of three-point bending strength measurements (Figure 5), and also with the determination of
the deformation energy (work of fracture), shown in Figure 6. These results suggest unambiguously
that the surface quality plays an important role in the fracture behavior of relatively brittle materials
like quenched and tempered PM ledeburitic steels.

These findings have great importance for the end-users of materials and tools, recommending
them to make the surface as high quality as possible to prevent the initiation of cracks and to ensure the
service reliability of tools. However, it should also be mentioned that the surface quality finish of tools
can be reflected in the resulting surface roughness of workpieces made of different materials, which in
turn influences their mechanical properties and durability. For instance, Bayoumi and Abdellatif [46],
Javidi et al. [47], Sasahara [48], Noll and Erickson [49], and Taylor and Glancy [50] established that
the fatigue strength reduces with increasing surface roughness in the cases of aluminium alloys,
nickel–molybdenum alloys, and carbon steels, due to the stress concentrations generated by rough
surfaces. Novovič et al. [51] stated that surface roughness values over 0.1 μm deteriorate the fatigue life
on any component significantly. One can thus conclude that the tools’ surface finish quality not only
influences the toughness characteristics of the tools themselves, but also the overall production quality.
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Figure 7. SEM micrographs showing fracture surfaces of specimens made of Vanadis 6 steel
with different surface quality. (a,b) Milled (overview, detail); (c,d) fine ground (overview, detail);
and (e,f) polished (overview, detail). MPD—micro-plastic deformation of the matrix, CLF—cleavage
fracture, FCs—fractured carbides, DCs—carbides that assist in decohesive fracture mechanisms
(decohesive carbides).

3.3. Effect of Plasma Nitriding

Figure 8 is a compilation of optical micrographs showing the microstructure of plasma nitrided
regions developed on the surfaces of Vanadis 6 steel, by application of various treatment regimes.
In Figure 8a, there is a nitrided region developed at the temperature of 470 ◦C for the duration of
30 min. The nitrided region differs from the substrate in terms of etching sensitivity, which is caused
by the precipitation of nitrides. However, the nitrogen input into the material is relatively low in this
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case, which is reflected in only small differences in etching sensitivity between the nitrided surface
and the substrate detectable in the optical micrograph. Nitriding at the temperature of 500 ◦C for
60 min highlights the differences in etching intensity between the nitrided region and bulk material.
This is due to a higher input of nitrogen atoms into the steel substrate. However, neither the processing
at 470 ◦C nor that at 500 ◦C leads to the formation of a compound “white” layer on the surface.
Furthermore, the presence of nitride networks at the primary grain boundaries was not detected
(Figure 8b). The micrograph in Figure 8c demonstrates that the nitriding at the temperature of 530 ◦C
for the duration of 120 min leads to both the growth of a thin compound “white” layer on the surface
(in this particular case, the white layer had a thickness of 1–1.5 μm) and formation of nitride networks
at the original grain boundaries.

Figure 8. Optical micrographs showing the microstructures of differently plasma nitrided specimens:
(a) Nitrided at 470 ◦C for 30 min, (b) nitrided at 500 ◦C for 60 min, and (c) nitrided at 530 ◦C for 120 min.
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Table 3 summarizes the main parameters of nitrided regions. The surface concentration of nitrogen
is 4.03 wt.% in the specimen nitrided at 470 ◦C for 30 min, and it increases moderately as the nitriding
temperature is increased (or for longer processing durations). The nitrogen diffusion depths are
13.2, 42, and 67 μm for the specimens nitrided at 470, 500, and 530 ◦C, respectively, and these values
correspond well with the values of nitriding case depth (Nht). The surface hardness values are 1316,
1564, and 1648 HV0.05 for the same specimens. In Figure 9, there are microhardness depth profiles for
all these specimens. It is shown that the microhardness of the material nitrided at 470 ◦C for 30 min
decreases rapidly with the increasing depth below the surface, while the microhardness depth profiles
of other specimens appear relatively flat, with moderate decreases in the values.

Table 3. Main parameters of nitrided regions (*the nitriding case depth Nht is determined as core
hardness + 50 HV0.05).

Nitriding
Parameters

Surface Nitrogen
Content (wt.%)

Nitrogen
Diffusion Depth

(μm)

Surface
Microhardness

(HV 0.05)
Nht* (μm)

470 ◦C/30 min 4.03 13.2 1316 13
500 ◦C/60 min 4.8 42 1564 39
530 ◦C/120 min 5.78 67 1648 60

 

Figure 9. Microhardness depth profiles for differently nitrided specimens.

Figure 10 shows the flexural strengths of the materials as a function of plasma nitriding parameters.
Non-nitrided material has the flexural strength of 4071 ± 154 MPa. The specimens nitrided at 470 ◦C
for 30 min, 500 ◦C for 60 min, and 530 ◦C for 120 min have values of flexural strength of 2744 ± 282,
2414 ± 126, and 1861 ± 99 MPa, respectively. These results suggest that the diffusion regions on the
surfaces reduce the flexural strength (and toughness) of the examined steel dramatically, and that this
reduction increases with increasing the thickness of the nitrided region, its increasing saturation with
nitrogen, hardness, etc.

The work of fracture of the non-nitrided specimen was 3.02 ± 0.88 J (Figure 11). Considerable
reduction of flexural strength (Figure 8) is reflected in reduction of work of fracture. The values of Wof

were 2.03 ± 0.49, 1.79 ± 0.44, and 1.38 ± 0.47 J for the differently plasma nitrided specimens.
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Figure 10. Flexural strength of non-nitrided and differently plasma nitrided specimens made of Vanadis
6 steel.

Figure 11. Work of fracture of non-nitrided and differently plasma nitrided specimens made of Vanadis
6 steel.

Furthermore, the fracture surfaces of nitrided steel reflect clearly the reduction of flexural
strength. The surfaces manifest cleavage fractures (Figure 12) and the thickness of the cleavage regions
corresponds well with the thickness of the nitrided regions. The fracture propagation manner through
the bulk material is influenced by the presence of the nitrided region, and the topography of the
fracture is significantly reduced (compare Figure 12, which is a detailed micrograph in a blue border,
with Figure 7). The cleavage propagation manner, with no indication of plastic deformation, is a typical
feature of nitrided regions, and the morphology of the fractured surface does not manifest any changes
in different depths below the surface (Figure 12).
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Figure 12. SEM micrographs showing fracture surface of specimen made of Vanadis 6 steel nitrided at
530 ◦C for 120 min.

The obtained results have great importance towards the industrial practice. Diffusion processes
like nitriding or boronizing are widely used in industry in order to obtain benefits in hardness [7,52,53],
wear performance [8,9], and corrosion behavior [10]. Furthermore, the industrial PVD coating
companies often use nitriding as a pre-treatment prior to the deposition of hard ceramic layers, forming
so-called duplex-coatings on the surface [11–17,54]. The duplex system (nitriding + PVD coating)
brings many benefits to the surface treatments technology due to better support for the coating [16,54],
which leads to much better adhesion of thin films to the steels [12,13,16]. However, the heat treaters
must not forget the detrimental effects of the presence of nitrided layers on the toughness. In the
work [55], it has been demonstrated that the flexural strength was significantly reduced not only
for thin specimens, but that this reduction is practically independent of the specimen cross-section
size. Hence, the nitriding processes should be controlled carefully in order to avoid the formation of
either too thick nitrided regions or continuous networks of nitrides along the grain boundaries, and to
maintain at least acceptable material toughness.

3.4. Effect of PVD Coating with Cr2N-6Ag

The thickness of Cr2N film with an addition of 6 mass% Ag is 4.3 μm, Figure 13. The film grew in a
columnar manner, and the individual crystallites are well visible in the SEM micrograph. This growth
manner is typical for magnetron-sputtered Cr2N films developed at the same or similar combinations as
the processing parameters [56–58]. Furthermore, it is shown in Figure 13a that silver forms individual
agglomerates within the Cr2N. The reason for this is that the silver is completely insoluble in CrN,
as reported recently [39–42]. The plan-view SEM micrograph (Figure 13b) illustrates that the sizes
of agglomerates range between several nm and 60 nm, and that the coarser Ag particles are located
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mainly between the individual Cr2N crystallites, while the finer ones can also be found within the
crystallites of Cr2N.

Figure 13. Microstructure of Cr2N–6Ag film deposited on the Vanadis 6 tool steel. (a) Cross-sectional
SEM micrograph, overview, detail; (b) plan-view SEM micrograph.

The mechanical properties of the Cr2N–6Ag film are summarized in Table 4. As reported
recently [39,41], the addition of silver does not influence the mechanical properties negatively in
comparison with pure Cr2N. This was attributed to the grain refinement caused by presence of Ag in
the Cr2N compound, which more than sufficiently compensated the fact that both the hardness and
the Young modulus of the silver are much lower than the values normally obtained for pure Cr2N.

Table 4. Mechanical properties of the developed Cr2N–6Ag coating.

Coating Nano-hardness (GPa) Young´s Modulus (GPa)

Cr2N-6Ag 16.17 ± 1.93 263 ± 17

The flexural strength values of no-coated and Cr2N–6Ag-coated Vanadis 6 steel manifested only
marginal differences (Figure 14). The flexural strength of no-coated specimens was 4071 ± 154 MPa,
while that of coated ones was 3760 ± 185 MPa. This is because there is almost no diffusion interface
between the substrate and the coating, as indicated in Figure 15. Insignificant differences in flexural
strength values are reflected in the values of work of fracture (Figure 16). Even though the mean
value of no-coated specimens seems to be slightly higher than what was obtained for the coated steel,
the statistical uncertainty ranges for both material states considerably overlap, suggesting that the
work of the fracture is only slightly influenced by the presence of a PVD coating. The mentioned results
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are also reflected in the fracture surfaces of the Cr2N–6Ag coated specimens. The fracture surface
manifests well-visible dimple morphology, with local micro-plastic deformation at the carbide/matrix
interfaces (Figure 17). This propagation manner is typical for hard materials like tool steels, as reported
recently [3], and is associated with enhanced fracture surface roughness and an increase of the ductile
microvoid coalescence micro-mechanism in fracture surfaces for these microstructures. One can also
claim that the fracture surface of Cr2N–6Ag coated steel does not differ significantly from the ones
obtained by the flexural strength testing of no-coated steel (Figure 5).

Figure 14. Flexural strength of no-coated and Cr2N–6Ag-coated Vanadis 6 steel. The values of flexural
strength are adapted from the corresponding literature [59].

Figure 15. Concentration depth profiles of iron and the main coating elements, indicating a non-diffusive
coating/substrate interface.
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Figure 16. Work of fracture of no-coated and Cr2N–6Ag-coated Vanadis 6 steel. The values are adapted
from the corresponding literature [59].

Figure 17. SEM micrographs showing the fracture surface of Cr2N–6Ag-coated Vanadis 6 steel.

Even though a huge number of tools are coated with thin ceramic films over Europe, the information
on their damages due to presence of these films on their surfaces is lacking. Furthermore, a personal
experience of the author of the current paper indicates that coated tools made of ledeburitic and/or
high speed steels are damaged due to poor steel quality rather than as a result of the coating presence
on the surface. One can thus suggest that the coaters as well as the end-users of coated tools do not
risk tool embrittlement due to PVD coating, and that the only risk for tool damage is the choice of the
substrate material with poor metallurgical quality.

4. Conclusions

The obtained and summarized results on the effect of different surface engineering techniques on
bulk toughness of hard and brittle Cr–V ledeburitic tool steel Vanadis 6 unambiguously indicate that:
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Enhanced surface roughness has unfavorable impacts on the toughness of the material, and thereby
on the durability of tools, particularly when they are heavily and dynamically loaded. It should be
underlined that elevated surface roughness of tools is transmitted to the surfaces of workpieces, which
leads to worsened properties of workpieces.

The presence of diffusion nitrided regions on the steel surface reduces the toughness of the
material considerably. The detrimental effect of nitrided regions is evident particularly in the cases
when either a surface “white” layer is formed or continuous nitrides appear at the boundaries of
primary austenite grains.

PVD coating has almost no diffusion, and hence, its effect on the material toughness can be
classified as marginal. Hence, the risk of material embrittlement due to the deposition of PVD thin
films is minimal.

The abovementioned facts have clear consequences for the designers, heat treaters, and end-users
of the tool products. While the presence of thin ceramic films does not influence the mechanical
properties of the tools negatively, the enhanced surface roughness as well as the presence of nitrided
regions reduces the material toughness. In nitriding, therefore, the heat treaters must inevitably avoid
the formation of too thick regions, or reduce the probability of the growth of compound “white”
layers on the surface. The tool designers, on the other hand, should keep in mind that the surface
finish quality (roughness) influences not only the toughness of the tool itself but also the quality of
the workpieces.
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