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Preface to ”Corrosion and Protection of Materials”

The corrosion phenomenon is the deterioration of metallic structures caused by the reaction

of the metal with the environment. Several recent case studies pointed the attention towards the

importance of the security and monitoring of facilities and infrastructures. The first estimate of the

economic damages caused by corrosion and the protection of materials was carried out in the 1970s

by the British Government, with the conclusion that the amount of expenses for the restoration of

the damaged structures was around 3% of the gross domestic product (GPD), and that 90% of this

figure would have been easily saved if the technical notions of protection and choice of materials

already acquired had been applied correctly. A similar study commissioned published on the web

site of the NACE (National Association of Corrosion Engineering) indicates a surprisingly identical

value: 3.4% of GDP (2013)! It is impressive how in forty years the economic importance of the

corrosion of materials has not decreased at all, on the contrary—considering the growth of GDP,

the data from an economic point of view are certainly alarming. On the basis of these considerations,

it could be inferred that over more than forty years, not much has been done for the prevention of

corrosion, but obviously this consideration is superficial. It is much more realistic to think that the

conditions in which materials operate are in many plants more and more exasperated (for example,

think of the increase in the depth of exploitation of oil fields), as there is a constant search for more

performing materials, with high weight/performance ratios in order to reduce energy consumption,

not to mention the increased sensitivity towards the environment that led to the abandonment of

some anticorrosion processes and/or methods (an example for all the use of chromates as corrosion

inhibitors or anticorrosive pigments) and the research on environmentally friendly systems. In

addition, new alloys, with different microstructures, like high entropy alloys, ultra-fine grains metals,

or new technologies of production and installation, like additive manufacturing, innovative coating

or friction stir welding, need to improve the consolidated knowledge on the corrosion mechanisms

and protection methods of metallic materials. At the base of each correct design must therefore be

an increased sensitivity about the increase in its useful life, both to reduce the energy impact of

production plants and disposal, and to reduce the possibility of contamination of the environment

with the fluids of the process or with the same substances used for corrosion protection. The

aim of this Special Issue was to draw a panorama of the actual research on the corrosion and

protection of traditional and innovative materials in natural environments or in the industrial context.

This Special Issue contains thirty papers by 140 authors of 16 countries, with the geographical

distribution observed in Figure 1, testifying to the importance of studying corrosion problems all

over the world. Several different items are presented. The first papers of the volume are on

alloys of new technologies, and it is opened by an invited review on the corrosion of additively

manufactured aluminum alloys; the other two papers are, respectively, on alloy 625 obtained by

additive manufacturing and on CrFeCoNiNbx high-entropy alloys. The following seven papers are

mainly on the mechanism of corrosion, including two interesting reviews, one on the alternate current

corrosion on carbon steel under cathodic protection and the other on the electrochemical polishing

of austenitic stainless steels. Studies on the mechanism of corrosion of pure iron, martensitic and

austenitic stainless steels, nickel–aluminum–bronze, and Al–Zn alloy are presented in the following

papers. Microbiological corrosion, biocide treatments and corrosion inhibitors are always topical in

industrial practice. These topics are dealt with in the following five papers, with particular attention

to the environmental impact of the chemicals studied, which must necessarily be eco-friendly. Many

xi



studies are underway regarding the development of anticorrosive coatings, the most current trend is

aimed at ceramic and metal coatings, as demonstrated by six works published in this Special Issue.

Stress corrosion cracking and hydrogen embrittlement are widely studied, but they remain of strong

actuality. This item in the Special Issue is reported on in five papers regarding the traditional stress

corrosion phenomena in sour environments or in pipeline steels, high-strength steels wires, as well

as aluminum or magnesium alloys. Finally, the last four works present interesting aspects related

to monitoring the corrosion of structures and the effects of corrosion on the residual mechanical

resistance of civil structures, such as bridges or reinforced concrete. These arguments are of vital

importance given the increase in the average life of infrastructures and their natural deterioration

which makes the problem of their control and recovery of primary importance. Personally, I am

honored to have had the opportunity to be the guest editor of this volume, and I want to thank MPDI

for giving me the opportunity; thanks you above all to Andy Zhang for his precious contribution in

the realization of this Special Issue of Materials.

Marina Cabrini

Editor

xii

Figure 1. Geografical distribution of the authors of the papers present in this special issue.
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Abstract: Metal additive manufacturing (MAM), also known as metal 3D printing, is a rapidly
growing industry based on the fabrication of complex metal parts with improved functionalities.
During MAM, metal parts are produced in a layer by layer fashion using 3D computer-aided
design models. The advantages of using this technology include the reduction of materials waste,
high efficiency for small production runs, near net shape manufacturing, ease of change or revision
of versions of a product, support of lattice structures, and rapid prototyping. Numerous metals
and alloys can nowadays be processed by additive manufacturing techniques. Among them,
Al-based alloys are of great interest in the automotive and aeronautic industry due to their relatively
high strength and stiffness to weight ratio, good wear and corrosion resistance, and recycling
potential. The special conditions associated with the MAM processes are known to produce in
these materials a fine microstructure with unique directional growth features far from equilibrium.
This distinctive microstructure, together with other special features and microstructural defects
originating from the additive manufacturing process, is known to greatly influence the corrosion
behaviour of these materials. Several works have already been conducted in this direction. However,
several issues concerning the corrosion and corrosion protection of these materials are still not well
understood. This work reviews the main studies to date investigating the corrosion aspects of
additively manufactured aluminium alloys. It also provides a summary and outlook of relevant
directions to be explored in future research.

Keywords: metal additive manufacturing; aluminium alloys; corrosion behaviour; microstructure;
corrosion protection

1. Introduction

Metal additive manufacturing (MAM), commonly known as metal 3D-printing, is a process
by which complex multifunctional metal parts are produced in a layer by layer fashion using 3D
computer-aided design (CAD) models [1–6]. Several MAM techniques are available. They can be
separated into two main groups: direct energy deposition (DED) methods and powder bed fusion
(PBF) technology [7]. During direct energy deposition, focused thermal energy is used to fuse materials
by melting as they are being deposited; while during powder bed fusion, thermal energy selectively
fuses regions of a powder bed [7]. DED processes such as wire arc additive manufacturing (WAAM)
and laser metal deposition (LMD) can generally be used on existing parts of arbitrary geometry with a
relatively high deposition rate; however, the shape complexity is limited. This makes DED processes
the preferred methodology for repairing or improving existing parts [8]. On the other hand, on PBF
methods such as selective laser melting (SLM), selective laser sintering (SLS), and electron beam
melting (EBM), the dimension of the pieces is limited and the starting substrate has to be a flat surface.
However, they generally allow the fabrication of pieces with extremely high structural complexity at a

Materials 2020, 13, 4804; doi:10.3390/ma13214804 www.mdpi.com/journal/materials1
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relatively high level of precision. Among the several MAM processes, those utilizing a metal powder
feedstock and a laser source to achieve the metal fusion are the most widely used [1–6]. From those,
SLM is regarded as the most used and studied MAM method. This is not only because it allows a
higher level of precision compared to other MAM techniques, but also because (in contrast to SLS) it
allows the full melting of the material, and therefore the production of solid and dense metal parts in a
single process (without the need to use binders and/or other post-process furnace operations).

Additive manufacturing is considered one of the enabling technologies for Industry 4.0 [9].
In particular, MAM presented a global market valued at € 2.02 billion in 2019 [10]. This included
systems, materials, and services. MAM allows the near-net shape manufacturing of geometrically
complex parts such as lattice structures and 3D structures with undercuts or cavities, which is why this
technology has found numerous applications in industries such as medical implants, energy, aerospace,
and automotive. As an example in aerospace applications, MAM has made possible the re-design of
complex fuel injector nozzles (commonly requiring the assembly of more than 20 parts) in a single
operation [11,12], as well as the re-design of several other complex engineered parts, resulting in
considerable cost and weight reduction. In aerospace, as well as in the automotive industry, MAM is
also actively used in prototyping and the fabrication of custom tooling.

Nowadays, a great number of metals and alloys can be processed by additive manufacturing
techniques, depending mainly on the availability of the raw materials as metal powders or metal
wires [5]. Amongst these, aluminium alloys are of great interest for applications requiring high strength
and stiffness to weight ratio, good wear and corrosion resistance, and recycling potential, which is why
they are attracting increasing attention of the automotive and aerospace industries [12,13]. The most
common Al-based alloys processed by additive manufacturing (AM) either for commercial use or
for research purposes are [5,14,15]: AlSi12, AlSi10Mg, AlSi7Mg0.6, AlSi9Cu3, AlSi5Cu3Mg, AA1050,
AA2017, AA2024, AA2219, AA6061, AA7020, AA7050, AA7075, and AA5083; next to proprietary
industrial alloys like Scalmalloy. From those, Al-Si alloys, and more specifically AlSi10Mg (followed
by AlSi12), are undoubtedly the most investigated and commercially used additively manufactured
Al-based alloys. These materials, particularly relevant for light-weight and high-strength applications,
are widely used for aluminium casting due to the proximity to the eutectic composition (~12.5% Si) [16].
Therefore, they are relatively easy to process by laser applications, which are known to lead to a
small solidification range [17]. Additionally, minor additions of magnesium (0.3–0.5 wt.% Mg) are
known to induce hardening of the alloy by forming Mg2Si precipitates upon natural or artificial ageing
treatments [18]. However, the actual formation of these precipitates on additively manufactured Al-Si
parts is still a topic of discussion.

Due to the special conditions of the MAM processes (namely that the metal powder used is already
pre-alloyed, and the melting occurs in small pools that rapidly solidify), a very fine microstructure
with unique directional growth features far from equilibrium is achieved [1]. This distinctive
microstructure, together with other special features and microstructural defects originating from
the additive manufacturing process is known to greatly influence the corrosion behaviour of these
materials. Sander et al. [19] and Kong et al. [20] reviewed the impact of these special features and
defects on the corrosion performance of additively manufactured metals. These works also consider
the main corrosion issues of several additively manufactured materials, including some studies on
Al alloys. Zhang et al. [17] presented a review of Al-based alloys summarizing the microstructural
characteristics and mechanical properties. Chen et al. [21] reviewed the main research studying the
corrosion behaviour of selective laser melted Al alloys, classified/structured by the used technique.

The present work reviews the main studies to date investigating the corrosion aspects of additively
manufactured aluminium alloys from a general perspective. Some of the defects and intrinsic issues
from the additive manufacturing process that can influence the corrosion performance of these
materials are discussed. Additionally, the most relevant studies and results concerning the effect of
microstructure, heat treatments, Si content, surface roughness, and surface treatments on the corrosion
behaviour of Al-based alloys are identified and discussed. Moreover, the main aspects concerning
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the behaviour of these materials to corrosion protection surface treatments such as anodizing are
summarized and discussed for the first time. A summary and outlook of relevant directions to be
explored in future works are also presented. The majority of the works investigating additively
manufactured Al alloys was conducted on SLM materials, and a few studies were realized using SLS
specimens. The microstructural characteristics and corrosion behaviours of the materials fabricated
using those two methods are remarkably similar. Therefore, the use of “AM Al alloys” in this work
refers, in general, to SLM and/or SLS Al alloys.

2. Influence of Defects in AM Specimens on Corrosion Resistance

Metal additive manufacturing presents, without a doubt, great potential to become a
key manufacturing technology in several industries and daily life applications. One of the
conditions still needed to achieve this goal is better control and understanding of the numerous
macro- and micro-structural defects introduced by the special manufacturing conditions of these
processes. These defects can greatly influence the materials’ performance against corrosion [22].
Further investigations are needed to better understand the effect of features such as porosity,
surface roughness, and residual stresses, among others, on the corrosion resistance of these materials.

Metal additive manufacturing is, in general, a very complex process with a great number of
operation parameters involved (for instance the laser/beam power, scanning speed, the spot size of the
power source, hatch distance, layer thickness, powder flow speed in the case of DED processes, etc.).
The effect of each process parameter in the final printed part cannot be seen independently of the rest.
Instead, the energy density (E), which indicates the energy input into the material (see Equation (1))
and is equal to the laser/beam power (P) divided by the scanning speed (v), the layer thickness (d), and
the hatch distance (h), was the quantity considered to evaluate the effect of process parameters on the
properties of the final parts [23]. Previous studies have shown that the energy input is the determining
parameter for defining and optimizing the “process window” during additive manufacturing [23].
A low energy input per unit length results in droplet formation and a bad wetting to the previous
layer. On the other hand, a relatively high energy input per unit length causes distortions and
irregularities due to big melt pool volumes and the balling effect. The specific process parameters
and, therefore, the energy density used, are usually optimized per alloy type in each AM system to
obtain high-density parts with the lowest possible level of porosity. Nevertheless, confirming the fact
that MAM is a complex process, other researchers believe that the energy density cannot be the sole
parameter analysed during the process optimization [24]. Other parameters such as the scanning
strategy, laser spot size, and materials’ properties (i.e., thermal conductivity and reflectivity) should
also be considered. Moreover, the researchers suggest that the laser power has a greater influence than
the rest of the parameters, and therefore should also be considered independently [24]. Furthermore,
Leung et al. [25] also demonstrated that the oxidation state of the metal powder could have a great
influence on the formation of defects in the printed parts.

E =
P

v× h× d
(1)

An incorrect choice of process parameters could lead to high levels of porosity within additively
manufactured metal parts. Pores in additive manufacturing can be classified into two groups:
trapped-gas pores and lack-of-fusion pores. Trapped-gas pores, as its name says, are the result of
gas trapped inside the powder particles during gas atomization, or inside the printed part during
the actual manufacturing. These pores have a rather spherical shape as can be seen in Figure 1a.
Lack-of-fusion pores have, on the other hand, an irregular shape (see Figure 1b) and are much larger
than trapped-gas pores. Lack-of-fusion pores appear when there is no complete adherence of the
current melt to the surrounding part (when powder particles are only partially molten) [26]. These two
types of pores possess intrinsically different characteristics, and therefore, they could affect/impact
corrosion in different ways and/or to a different extent.
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Figure 1. Secondary electron image representing defects that can be present in additively manufactured
metal parts: (a) trapped-gas pores; (b) lack-of-fusion pores; (c) unmolten powder.

In general, close-to-the-surface pores can compromise the passivation properties of the native
surface oxides, and therefore the pitting resistance of the material. This was demonstrated in previous
studies for stainless steel [27,28], in which the researchers have shown that the level of porosity and
the size of the pores play an important role in the resistance to pitting corrosion. However, no work
has been conducted to date to systematically study the effect of porosity (dimension, type, and extent
of porosity) on the corrosion behaviour of AM Al-based alloys. Therefore, more focus should be given
to this issue in future studies. Moreover, pores might also play an important role in the susceptibility
of the printed parts to stress corrosion cracking (SCC), since pores are intrinsically stress concentrators
during mechanical loading. Once corrosive species reach the pores, occluded cell conditions could
rapidly built-up and promote a premature failure of the printed part. This is a topic that needs more
attention in the future.

As in the case of porosity, unmolten, or partially molten powder (see Figure 1c) results from
incorrect choices of process parameters. Unmolten powder on the surface of the printed part can
compromise the passive behaviour of the material by introducing defects in the native oxide film
and greatly increases the surface roughness. There are currently several processes available (such as
abrasive blast, shoot peening, electrochemical polishing, etc.) that are used to improve the surface
finishing and reduce the roughness of AM metal parts [29,30]. These methods greatly affect the surface
state and therefore, the surface energy, which influences the nucleation and growth of the native oxide
film. This can, consequently, affect the barrier properties of the native oxide, and hence the passivity of
the material.

Another intrinsic feature of additively manufactured metal parts that could compromise their
physical integrity is the existence of residual stresses. Residual stress formation in metal additive
manufacturing is caused by the high thermal gradients and cooling rates associated with these
processes [31]. Particularly high tensile residual stresses are very typical near the surface [31].
These residual stresses can affect the materials’ susceptibility to stress corrosion cracking. Previous
studies have shown the formation of micro-cracks in as-built AM Al-Si alloys after exposure to corrosive
media (see Figure 2) [32,33]. The researchers associated this cracking with the combined effect of the
local disruption of the Si network, the selective dissolution of the Al matrix around the disrupted

4



Materials 2020, 13, 4804

zones, and the existence of residual stresses from the MAM process [33]. Additionally, surface residual
stresses could, in general, influence the surface energy and therefore, the nucleation and growth of
the native oxide film, affecting as a consequence the passivity and pitting resistance of the material.
Nevertheless, no relevant work has been published so far on the study of the effect of residual stresses
on the corrosion behaviour of additively manufactured metals.

 

Figure 2. Secondary electron microscopy image of the surface of an as-built additive manufacturing
(AM) Al-Si (AlSi10Mg) after immersion for 48 h in 0.1 M NaCl. The formation of micro-cracks in the
heat affected zone next to the MPB can be seen. MPB—melt pool border.

3. Al-Si Alloys

3.1. Effect of Microstructure on Corrosion Behavior

Several studies characterizing the microstructure of as-built additively manufactured Al-Si alloys
have been conducted in recent years [33–43]. As-built specimens exhibit a fine distribution of Si,
forming a three-dimensional network that encloses the primary face-centred cubic α-Al in very small
cells (see Figure 3). The size of these cells varies over the melt pool due to the thermal gradient
created by the moving heat source. Finer cells are formed towards the middle of the melt pools
(MP), while coarser cells are present in the melt pool borders (MPBs) [36]. A marked anisotropy has
been described in past studies concerning the shape of these cells. These cells are known to present
an approximately round shape in the plane parallel to the building platform (XY), whereas in the
plane perpendicular to the building platform (XZ) more elongated cells have been observed [36,42].
A heat-affected zone (HAZ) located right outside the borders of the melt pools has also been identified
(see Figure 3). This HAZ, in which the silicon network is partly broken and discontinuous, has been
associated with overheating of the underlying layer during the scanning of a newly deposited layer [36].

5



Materials 2020, 13, 4804

Figure 3. (a) Secondary electron image representing the microstructure of additively manufactured
Al-Si alloys (AlSi10Mg). The surface parallel to the building platform is represented here. Similar
features can be observed in the surface perpendicular to the building platform, but the shape of
the cells is more elongated in that case. (b) Higher magnification image of a zone in the melt pool
border. (c) Higher magnification image of a zone within the melt pool. MPB—melt pool border;
HAZ—heat-affected zone. (Adapted from reference [43]).

A great number of works have already shown that the corrosion behaviour of additively
manufactured Al-Si alloys is greatly influenced by this special and unique microstructure created
during the additive manufacturing process.

3.1.1. Influence of the Melt Pool Borders on Corrosion

Among the different details of the microstructural features of as-built AM Al-Si alloys, the borders
of the melt pools have been pointed out to be a key element in the corrosion of these materials.
Several studies have shown that after potentiodynamic polarization tests and/or immersion in NaCl
solution a particularly pronounced selective corrosion of the α-Al cells in the melt pool borders is
observed (see Figure 4) [32,33,44–57]. This selective corrosion attack along the borders of the melt pools
has been reported for polished and ground specimens [32,33,44–56], but also for as-built materials
presenting a low surface roughness [57], for which the microstructural features are believed to control
the electrochemical performance of the material.

 

Figure 4. Secondary electron microscopy image of the surface of an as-built AM Al-Si (AlSi10Mg)
corroded in NaCl solution. (Adapted from reference [47]).
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The initiation and further propagation of the corrosion attack in the Al cells along the MPBs are
caused by the higher driving force for micro-galvanic corrosion between the α-Al and the Si phase
in these regions compared to other areas within the melt pools [32,45,54]. Due to the presence of a
relatively larger microstructure at the MPBs (see Figure 5), a greater Volta-potential difference has
been reported between the Al and the Si phase compared to regions within the MPs (Figure 5c).
Nevertheless, Kubacki et al. [51] do not support the assumption of a galvanic couple between the
Al and Si phase accelerating corrosion in simulated atmospheric conditions at the melt pool borders.
The researchers believe that under these conditions the cathodic kinetics on the Si phase is not fast
enough to support the active dissolution of Al. Instead, the selective/pronounced corrosion attack at
the borders of the melt pools is attributed to the high discontinuities of the Si network around the
MPBs (in the heat-affected zone).

 
Figure 5. (a) Topography and (b) surface potential map (obtained by scanning Kelvin probe force
microscopy—SKPFM) of an area on the surface of a polished AM AlSi10Mg specimen in which a
melt pool border is visible (delimited by the discontinuous line). Scan size: 20 × 20 μm2. Colour bar:
(a) 30 nm range, (b) 210 mV range. (c) Surface potential profile of the line represented in (b). (Adapted
from reference [32]).

The morphology of the corrosion attack in as-built AM Al-Si alloys has been described by several
researchers to be rather superficial due to the existence of a considerably connected Si network that
holds the corrosion from penetrating deeper into the material [32,33,51,54,58]. However, several
works have found a large penetration of the corrosion attack along the melt pool borders [46,50–53,55].
Moreover, the formation of micro-cracks during corrosion has been reported in regions next to the MPBs,
where heat-affected zones exist [32,33,54,55,59]. As mentioned above, Revilla et al. [33] associated
the formation of these micro-cracks to the synergistic effect of the selective dissolution of the α-Al
cells along the MPBs, next to which the disrupted heat-affected zones are found, and the existence of
internal and superficial residual stresses from the MAM process. Rafiezad et al. [49] also confirmed
through intergranular corrosion test an accelerated preferential attack combined with the formation of
micro-cracks along the melt pool borders for specimens fabricated using recycled powder. Moreover,
while conducting electrochemical tests in NaCl solution, Girelli et al. [59] found that the MPBs/HAZ
represent preferential paths for exfoliation-like corrosion to occur.

The schematic in Figure 6 shows the proposed evolution of the corrosion attack in as-built AM
Al-Si alloys [33]. Because of the greater Volta-potential difference between the α-Al and the Si phase at
the melt pool borders (as measured by scanning Kelvin probe force microscopy SKPFM [32,45,54]—see
Figure 5), a higher driving force for galvanic corrosion provokes the initiation of the corrosion attack
in these regions. The corrosion spreads superficially to adjacent zones, including the neighbouring
heat-affected zones. This corrosion is partially contained by the connected portion of the Si network.
However, due to the disruption in the heat-affected zone, the corrosion can propagate further into the
material along the MPBs.
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Figure 6. Schematic diagram representing the process of corrosion initiation and corrosion propagation
for as-built additively manufactured Al-Si alloys. The illustrations portray the corrosion process seen
from a cross-sectional perspective, with the top side of the images representing the surface exposed
to the corrosive medium. The Al phase is represented with green, while black portrays the Si phase.
A melt pool border (MPB), where a coarser microstructure is seen, and a heat-affected zone (HAZ),
characterized by discontinuities in the Si network, can be observed in the images (a). The corrosion
attack initiates at the MPB, where there is a larger potential difference between the Al and the Si phase,
and therefore, a larger driving force for galvanic corrosion (b). Because of the partial containment of
the corrosion by the Si network, the attack spreads superficially to adjacent zones, reaching the HAZ (c).
Due to the disruption of the Si network in the HAZ, combined with the existence of internal stresses
from the MAM process, micro-cracks are formed along the HAZ (d). In a later stage of the corrosion,
additional lateral spreading of the attack occurs, accompanied by further propagation of the crack and
corrosive medium through the HAZ (e) [33].

3.1.2. Anisotropy

As already mentioned, the special microstructure of additively manufactured Al-Si alloys is the
result of the exceptionally high cooling rates and direction of the thermal gradients [36]. The particular
directional distribution of thermal gradients during the fusion and solidification of the different
layers of the material produces an intrinsically anisotropic microstructure [36,42]. The small α-Al
cells surrounded by the Si network are rather rounded in the plane parallel to the building platform,
while in the plane perpendicular to the building platform these cells have an elongated shape [36,42].
Additionally, in the surfaces parallel to the building platform (XY plane), elongated laser tracks are
easily identified, while in the surfaces perpendicular to the building platform (XZ plane) a scale-like
feature of melt pool borders is generally seen [32,33,44–48].

Concerning the influence of this anisotropy on the corrosion behaviour/resistance of these materials,
various and contradictory results have been reported in the literature. For AlSi10Mg prepared by SLM,
Cabrini et al. [48,50] concluded from potentiodynamic polarization experiments in diluted Harrison’s
solution that the surface of the XZ plane presents a slightly lower pitting corrosion resistance than the
XY plane. The researchers associated this behaviour with the higher density of melt pool borders found
in the XZ plane compared to that of the XY plane. However, in a later work, the same researchers
concluded through a statistical approach that the building direction does not significantly influence the
corrosion resistance of the analysed surface [56]. Moreover, Revilla et al. [32,33,54] found no difference
in the electrochemical behaviour of the different planes during potentiodynamic polarization tests in
aerated NaCl solution.
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On the other hand, Cabrini et al. [46] demonstrated in another work by conducting an intergranular
corrosion test that the corrosion in as-built specimens propagates mainly along the MPBs. Therefore,
the penetration depth of the corrosion attack is highly influenced by the anisotropy of the melt pools.
A more penetrative corrosion attack was seen on the surface parallel to the building platform compared
to the surface perpendicular to the building platform. This could demonstrate that even if similar
electrochemical behaviour is seen during potentiodynamic polarization tests, great anisotropy can still
exist on the morphology of the corrosion attack and corrosion penetration depth.

For SLM AlSi7Mg0.6 and AlSi12, no considerable difference was reported between the behaviours
of the two different planes during potentiodynamic polarization tests in NaCl solution [33].
Nevertheless, a clear distinction in the corrosion resistance of the different planes was shown by
Chen et al. [42] for SLM Al-Si12. The researchers presented experimental data (open circuit potential,
potentiodynamic polarization, and electrochemical impedance spectroscopy measurements) supporting
a better corrosion resistance of the XZ plane compared to the XY plane. This is the opposite trend as
that reported for AlSi10Mg by Cabrini et al. [48,50]. Chen et al. [42] associated this behaviour with the
depth of the Al/Si cells in each plane. The small and round cells were seen in the XY plane are deep
since they are elongated in the perpendicular direction. According to the researchers, this could lead to
the growth and even deposition of corrosion products, which could extrude and crack the Si shells,
exposing the underlying Al substrate to further corrosion attack. On the other hand, the cells seen in
the XZ plane are shallow, which could limit/prevent the deposition of corrosion products. Moreover,
Chen et al. [42] reported a clear difference in the weight loss rate during corrosion in NaCl solution for
the different planes. These results are shown in Figure 7. A reduced weight loss rate is seen for the XZ
plane compared to the XY plane, possibly due to the same reason as that given for the difference in the
electrochemical behaviour.

 

Figure 7. The weight loss rate for the different surface planes (parallel to the building platform—XY—and
perpendicular to the building platform—XZ) of as-built and mechanically polished SLM AlSi12 after
immersion in 3.5 wt.% NaCl solution at room temperature [42].

Due to the limited and contradictory results found in literature concerning the effect of the
anisotropic microstructure on the corrosion behaviour, further research is needed to better understand
this issue. It is also important to keep in mind that different alloys (even from the same alloy family)
might display intrinsically different behaviours.

3.1.3. Comparison with Conventional Alloys

While the microstructure of as-built AM Al-Si alloys presents a very fine distribution of alloying
elements into a three-dimensional network, the traditional cast alloy is characterized by the presence
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of large Si crystals [32,44] and for the case of cast AlSi10Mg, other intermetallic particles such as AlFeSi
and Mg2Si, among others, are also present [44]. These great differences in microstructure could result
in differences in the corrosion behaviour of these materials. The corrosion resistance of AM Al-Si alloys
has also been compared to that of conventionally manufactured alloys [32,44,51,59–63]. The results
obtained for AlSi10Mg and AlSi12 are somewhat varied and in some cases contradictory.

AlSi10Mg

Table 1 summarizes, in a comparative way, the main results from potentiodynamic polarization
tests obtained for AlSi10Mg. While some works report a similar corrosion current density for cast and
AM AlSi10Mg [32,51,61], others claim a higher value for the cast alloy compared to the additively
manufactured specimen [44,59,60]. Besides, while some studies show a similar value of corrosion
potential for cast and AM AlSi10Mg [32,61], others report a nobler value of corrosion potential for
AM AlSi10Mg in comparison with its cast counterpart [44,59,60]. On the contrary, Kubacki et al. [51]
measured a lower value of corrosion potential for the additively manufactured material compared to
the cast alloy. Nevertheless, the AM material presented a much higher value of pitting potential and a
much wider passive region than the cast alloy [51].

Table 1. Comparison between Cast and as-built AM AlSi10Mg from results obtained in potentiodynamic
polarization tests. Only results acquired in polished/ground samples were considered. Ecorr, Icorr, and
Epit refer to corrosion potential, corrosion current density, and pitting potential, respectively.

Reference Electrolyte Ecorr Icorr Epit Corrosion Rate

[44] Aerated 3.5 wt.% NaCl AM > Cast Cast > AM Cast > AM
[51] Diluted Harrison’s solution Cast > AM Cast ~ AM AM > Cast
[59] Aerated 3.5 wt.% NaCl AM > Cast Cast > AM Cast > AM
[60] Aerated 3.5 wt.% NaCl AM > Cast Cast > AM Cast ~ AM
[32] Aerated 0.1 M NaCl Cast ~ AM Cast ~ AM
[61] Aerated 3.5 wt.%NaCl Cast ~ AM Cast ~ AM Cast ~ AM

While the corrosion attack in AM AlSi10Mg is mainly localized along the melt pool
borders [32,33,44–57], the corrosion of the cast alloy is characterized by a severe localized corrosion
of the α-Al matrix in the periphery of the large Si precipitates, as well as around the Mg2Si and
Fe-containing intermetallics [32,44,51]. In general, several researchers claim that the corrosion resistance
of additively manufactured AlSi10Mg is higher than that of the cast alloy of approximately the same
chemical composition [44,60,61]. Girelli et al. [59] and Leon et al. [61] found a slightly lower mass loss
during corrosion in aerated 3.5 wt.% NaCl for the AM specimen compared to the cast alloy. However,
Kubacki et al. [51] concluded that while both the cast and AM AlSi10Mg presented similar surface
damage and median corrosion depth after immersion in a modified G85-A2 (cyclic acidified salt
fog/spray test) cycle, the additively manufactured material presented a greater maximum damage
depth compared to the cast alloy.

AlSi12

The AlSi12 alloy has been, in general, less studied than AlSi10Mg. Only a few works have compared
the corrosion resistance of the additively manufactured specimens with that of the conventional cast
alloy [62,63]. Yang et al. [63] reported a higher corrosion resistance for the AM material compared
to the cast alloy. Their experimental data in NaCl solution showed not only a better electrochemical
performance during open circuit potential and potentiodynamic polarization tests for the AM AlSi12
sample than for the cast alloy, but also a much lower weight loss during immersion in the same solution
for the AM sample compared to the cast material [63]. On the other hand, other researchers reported
that the cast and the AM AlSi12 alloy display similar corrosion behaviour in the HNO3 solution [62].
Weight loss measurements after immersion in 0.1 M HNO3 showed an almost perfect overlap between
the curves of the cast and additively manufactured AlSi12 alloy [62].
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3.2. Effect of Heat Treatment on Microstructure and Corrosion

As mentioned above, the unique processing conditions during MAM cause rapid solidification
of melt pools due to the extremely high cooling rates reached (~105 K/s) [39,58]. This leads to a
very fine cellular microstructure far from equilibrium, consisting of a primary Al-rich phase [39,64]
supersaturated in Si (up to 11 wt.%) [52] with residual Si segregated at the cellular boundaries [39].
The extremely fine Si network gives a large total interfacial energy, resulting in a high driving force for
Si coarsening [38]. As thermal gradients and grain growth rates decrease towards the melt pool borders,
coarser cellular structures can be found there [36]. In addition, the fast cooling rates can introduce
residual thermal stresses that can lead to dimensional inaccuracy and distortion [55]. A variety of
heat treatments can be performed to act on these factors. Due to the presence of Mg in most Al-Si
alloys, artificial aging (150–180 ◦C) [65] can be performed to induce age hardening through Mg2Si
precipitation [34,52,55]. The increase in the solid solubility of Si in Al due to the rapid solidification
can enhance the effect of solution hardening and strengthening [66]. Partial annealing treatments can
be performed to release residual stress [50,52–55,58,67,68]. Alternatively, the building platform can
also be heated during manufacturing [34,52].

Fiocchi et al. [69] performed Differential Scanning Calorimetry (DSC) experiments to determine
the phase transformations occurring in an AlSi10Mg alloy prepared by selective laser melting.
Several heating rates (2, 5, 10, 20, and 30 ◦C/min) were applied for a temperature range of 0 to 500 ◦C.
Two exothermic transformations were identified for the SLM material. The first peak was found to be
common to SLM material, unmolten powder, and cast alloy of similar composition. It was determined
to result from the alloying elements and was identified as Mg2Si precipitation. The second peak was
found to be unique to the SLM material. It was ascribed to the rupture and spheroidization of the
Si network, which is characteristic of SLM parts. The isothermal endpoint temperatures of these
transformations were calculated using second-degree polynomial regressions, resulting in 263 ◦C for
Mg2Si precipitation and 294 ◦C for Si rupture and spheroidization [69]. Similar DSC experiments on
SLM AlSi10Mg alloy were performed by Rafieazad et al. [55] for a temperature range of 0 to 550 ◦C.
They determined the peak values for the two exothermal transformations at several heating rates (2,
5, 10, and 20 ◦C/min) and calculated the isothermal temperatures using second-degree polynomial
regressions. These were determined to be 232.9 and 273.2 ◦C. Similar to the work of Fiocchi et
al. [69], these were interpreted as being respectively the Mg2Si β phase precipitation and the Si phase
precipitation via solid-state diffusion [55].

3.2.1. Effect on Microstructure

Stress Release Heat Treatments

Several studies have focused on the effect of stress-relieving heat treatments on the microstructure.
Cabrini et al. [52] studied the effect of stress-release at 200, 300, 400, and 500 ◦C for 2 h.
Similarly, Rubben et al. [54] investigated the effect of stress-release at 250 and 300 ◦C for 2 h,
while Rafieazad et al. [55] investigated heat treatments at 200, 300, and 350 ◦C for 3 h. Other papers
discuss annealing with similar conditions [68] but without the expressed aim of stress release.

Cabrini et al. [52] observed that stress release heat treatments up to 300 ◦C for 2 h do not cause
a significant change in the characteristic melt pool macrostructure. It should be noted however that
although melt pool tracks are retained, significant microstructure alteration can still occur. For the
heat treatment of 200 ◦C for 3 h, no microstructure change was noticed [55]. This is attributed to the
temperature being significantly lower than the minimum required for Si interdiffusion in Al [55]. After a
stress release at 250 ◦C for 2 h, a limited breakup of the Si network was observed [54] (see Figure 8b).
The limited nature of this breakup can be explained by considering that the temperature of stress
release was below the peak temperature value of Si network coarsening [55], resulting in slow kinetics.
More significant changes occurred after stress release at 300 ◦C for 2 h. The morphology of the Si
phase changed completely, going from a continuous silicon network towards separate Si precipitates
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(see Figure 8c) [52,54,68]. Despite this, larger microstructures were still observed at MPBs. As a
result, the melt pool macrostructure was retained. After stress release at 400 ◦C for 2 h, the MPBs
became harder to distinguish [52]. Rafieazad et al. [55] reported a similar diminishing of MPBs after
3 h at 350 ◦C. In both cases, an α-Al matrix with rounded silicon particles was revealed at higher
magnification [52,55,68]. When the temperature was increased to 500 ◦C, the characteristic melt pool
macrostructure completely disappeared. Silicon particle coalescence occurred, leading to much larger
silicon particles [52].

Figure 8. Secondary electron image showing the microstructure of (a) an as-built AM Al-Si sample
(AlSi10Mg), as well as two stress-released specimens: one at 250 ◦C for 2 h (b), and another at 300 ◦C
for 2 h (c). MPB refers to the melt pool border, while HAZ stands for the heat-affected zone. (Adapted
from reference [54]).

Heating of Building Platform

Heating the building platform during manufacturing can be used as an alternative to the
stress release heat treatment. Residual stresses can be reduced by increasing the building platform
temperature without affecting the mechanical strength [52]. Cabrini et al. [52] studied the effect of
two different building platform temperatures, 35 and 100 ◦C. The temperature change did not cause
a noticeable change in the macrostructure as both show similar melt pools and heat-affected zones.
At higher magnification, some small changes were noticed in the melt pools. Limited formation of the
eutectic-like phase by silicon particles was more visible for specimens built at 100 ◦C. The small changes
in microstructure explain the lack of change in mechanical strength. A higher building temperature of
300 ◦C was investigated by Brandl et al. [34]. No significant change in macrostructure was obtained.
It should be noted that the used magnification was not high enough to be able to observe variations in
the cellular network.

Solution Treatment—T6

Several researchers [34,38,65] have focused on the T6 heat treatment, consisting of a solution
treatment (450–550 ◦C) [38,58] followed by quenching and artificial aging (150–180 ◦C) [65].
Both Li et al. [38] and Gu et al. [58] solution treated SLM produced AlSi10Mg material at 450, 500,
and 550 ◦C for 2 h, followed by water quenching. In both cases, results showed that the microstructure
became coarser with increasing solution temperatures (see Figure 9). After solution treatment at 450 ◦C
for 2 h (see Figure 9d), Si precipitates were small (<1 μm) and uniformly distributed in the Al matrix.
When the temperature was further increased to 500 and 550 ◦C (see Figure 9e,f), particle coalescence
and Oswald ripening occurred, resulting in a further increase in particle size (2–4 μm) [38]. The volume
fraction of Si increased, proving that Si precipitates during heat treatment [58]. In the work of
Li et al. [38], half of the specimens additionally underwent artificial aging at 180 ◦C for 12 h after the
solution treatment. Further coarsening occurred with the addition of the artificial aging procedure (see
Figure 9g–i), despite the temperature being seemingly too low to induce Si coarsening [38,55]. This is
in contrast to the work of Aboulkhair et al. [65], where a solution treatment at 520 ◦C was applied for
4 h. The addition of 6 h of artificial aging at 160 ◦C did not seem to alter particle size or density.
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Figure 9. Secondary electron micrographs showing the microstructure of as-built and heat-treated AM
AlSi10Mg. (a–c) Represent the microstructure of the as-built samples in different zones and at different
magnifications. (d–i) Represent the microstructure of the samples after different heat treatments:
(d) 450 ◦C for 2 h; (e) 500 ◦C for 2 h; (f) 550 ◦C for 2 h; (g) 450 ◦C for 2 h + 180 ◦C for 12 h; (h) 500 ◦C for
2 h + 180 ◦C for 12 h; (i) 550 ◦C for 2 h + 180 ◦C for 12 h. (Adapted from reference [38]).

Artificial Aging Heat Treatments

In most studies, artificial aging (AA) heat treatments are performed after a solution treatment
(e.g., T6 heat treatment). Kempen et al. [23] noted that this is not ideal for SLM parts as it undoes
the fine microstructure giving the superior mechanical properties. The effect of AA heat treatment
on the microstructure of as produced SLM material was studied by Rubben et al. [54]. No significant
microstructure evolution was observed compared to the untreated specimens. An explanation for
this can be found in the works of Fiocchi et al. [69] and Rafieazad et al. [55]. The temperature of the
heat treatment is significantly below the peak temperature (273 ◦C [55]) of precipitation, coarsening,
and spheroidization of Si particles.

3.2.2. Effect on Corrosion

Stress Release Heat Treatments

Several studies have focused on the effect of stress-relieving heat treatments on corrosion
behaviour. Cabrini et al. [52] studied the effect of stress release for 2 h at 200, 300, 400, and 500 ◦C.
They performed intergranular corrosion tests in 30 g/L NaCl + 10 mL/L of HCl at room temperature for
24 h. Another study by Rubben et al. [54] focused on the effect of stress release for 2 h at 250 and 300 ◦C.
To achieve this, they performed open circuit potential, potentiodynamic polarization, and immersion
experiments in 0.1 M NaCl.
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On untreated specimens, selective corrosion attacks occur at the melt pool borders [52,54]. Galvanic
coupling between α-Al and Si causes the dissolution of Al (as already explained above). Selective
corrosion attacks at MPBs were still detected after performing stress release up to 300 ◦C for 2 h [52,54].
This is despite significant microstructure evolution, with the microstructure changing from a continuous
silicon network to separate Si precipitates, with larger precipitates formed at the MPBs. Revilla et al. [32]
and Rubben et al. [54] performed SKPFM measurements on specimens before [32,54] and after stress
release at 300 ◦C for 2 h [54]. For both cases, measurements showed Volta potential differences between
the primary aluminium and the more noble Si, with larger Volta potential differences at the melt pool
borders compared to the interior of the melt pools. This indicated that the larger microstructure found
at the MPBs is more prone to galvanic corrosion, explaining the selective attack at the MPBs before and
after heat treatment.

While preferential corrosion at MPBs was noticed for these types of specimens, Rubben et al. [54]
illustrated that the underlying mechanism may change depending on the temperature of stress release.
This was linked to a corresponding change in microstructure (as explained in the previous section).
When the Si network is still intact (which is the case for untreated specimens, and heat-treated at
200 ◦C), the corrosion is mostly superficial with microcrack formation at the heat-affected zone next
to the MPBs. This allows corrosion to locally spread deeper in the material. When the Si network
has broken up (for instance after stress release at 300 ◦C for 2 h), the spread of corrosion is no longer
stopped by the presence of an Si network, leading to a more broadly penetrating attack around MPBs.
This behaviour is summarized in Figure 10. Depending on how discontinuous the silicon network is,
both mechanisms may be active at the same time [54].

Figure 10. Schematic diagram representing the evolution of the corrosion attack for two separate
cases: (top) When a connected Si network is present, as is the case for as-built AM Al-Si specimens,
and (bottom) when the Si is broken up in separate precipitates, as is the case for heat-treated AM
Al-Si parts at relatively high temperatures (~300 ◦C or higher). The illustrations portray the corrosion
process seen from a cross-sectional perspective, with the top side of the images representing the surface
exposed to the corrosive medium. The Al phase is represented with green, while black portrays the Si
phase. For as-built as well as heat-treated specimens, the corrosion initiates at the melt pool borders
(MPB), due to the higher driving force for galvanic corrosion in these regions. For as-built specimens
corrosion spreads superficially, accompanied by the formation of micro-cracks along the heat-affected
zones. On the other hand, a dip and relatively wide penetration of the corrosion attack characterizes
heat-treated specimens due to the presence of separate Si precipitates. (Adapted from reference [54]).

After stress release at 400 or 500 ◦C for 2 h, no more selective attacks at MPBs were detected
after intergranular corrosion tests [52]. Instead, more general corrosion morphologies were noticed.
This was linked to a significant modification of the microstructure, showing anα-Al matrix and rounded
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precipitates of Si. This leads to the disappearance of the characteristic melt pool macrostructure.
As there is no longer a larger microstructure at the MPBs, no preferential attack occurs in those cases.

Heating of Building Platform

Intergranular corrosion tests were performed by Cabrini et al. [52] on specimens fabricated with a
building platform temperature of either 35 or 100 ◦C. Specimens were immersed for 24 h in 30 g/L
NaCl + 10 mL/L of HCl at room temperature. The corrosion morphology showed a superficial attack,
with a deeper attack for specimens built at 35 ◦C. This change can be attributed to either the small
change in microstructure (see the previous section) or to the reduction of thermal stresses. The latter
is supported by the works of Revilla et al. [32,33,54], where it was postulated that the presence of
residual stresses combined with the exposure of the silicon network after corrosion might lead to the
development of micro-cracks, allowing the spread of corrosion further in-depth.

Solution Treatment—T6

Some research has been performed on the effect of solution heat treatments on the corrosion
behaviour of SLM AlSi10Mg. In one study, Gu et al. [68] solution treated SLM produced AlSi10Mg
material at 300 and 400 ◦C for 2 h under an argon atmosphere, followed by water quenching. In another
study by Gu et al. [58], SLM produced AlSi10Mg material was solution treated at 450, 500, and 550 ◦C
for 2 h under an argon atmosphere, followed by water quenching. In both studies, experiments were
conducted in 3.5 wt.% NaCl solution.

In untreated specimens, the continuous Si network impedes contact between the underlying
metal matrix and the electrolyte, restricting the transfer of Al3+ ions towards the electrolyte [58].
After heat treatment, the continuous Si network devolved into separate Si precipitates (see the previous
section). Higher temperature heat treatments, coinciding with the growth of the Si particles, resulted in
higher corrosion current densities and lower corrosion potentials, film resistances, and charge transfer
resistances [58,68]. This was attributed to the change in the morphology of the Si phase. Larger separate
Si precipitates restrict the formation of a compact oxide layer [58,68] while Si precipitating from the Al
matrix leads to an increasing cathode area and a more active matrix [58]. Further explanations can
be found by looking at the work of Revilla et al. [32]. SKPFM measurements showed that the Volta
potential difference between the Si phase and the matrix increases with the size of the particles due to
the influence of the surrounding matrix. As the Si particles grow in size with increasing temperature,
a higher driving force for galvanic corrosion is obtained.

Artificial Aging Heat Treatments

Rubben et al. [54] studied the effect of AA on the corrosion properties of as produced SLM specimens.
Open circuit potential (OCP), linear sweep voltammetry (LSV), and immersion experiments in 0.1 M
NaCl showed a similar behaviour, resulting from the lack of significant changes in microstructure
compared to the untreated specimens (see the previous section). This shows that performing the
artificial aging without prior solution treatment is not only critical for retaining the mechanical
properties [36] but also for retaining the corrosion resistance of SLM material.

3.3. Effect of Si Content on Microstructure and Corrosion

Even though several studies have been dedicated to investigating the corrosion behaviour of
AM AlSi10Mg [32,33,44–61,68,70], and a few other works have studied the corrosion performance of
AlSi12 alloy [33,42,62,63], very limited research explores the influence of Si on the microstructure and
corrosion behaviour of these materials. A recent comparative study carried out on polished as-built
AlSi7Mg0.6, AlSi10Mg, and AlSi12 demonstrated that the general appearance concerning the structure
of melt pools for all of these additively manufactured specimens was approximately the same [33].
All the specimens, independently on the amount of Si in the alloy, presented a fine cellular structure
within the melt pools, while at the borders coarser cells were detected. Additionally, heat-affected
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zones, in which idiomorphic Si particles and a relatively more discontinuous Si network are present,
were identified next to the MPBs for all of these specimens. Nevertheless, higher resolution SEM
analysis revealed that even though the size of the Al cells was independent of the amount of Si in the
alloy, the connectivity of the Si network was highly affected by the Si content. A much thinner and
partially broken Si network was observed for the as-built AlSi7Mg0.6 specimen, while a thicker and
much more connected Si network was seen in the as-built AlSi12 sample. By increasing the amount of
Si, a greater level of connectivity is observed in the silicon network of the AM specimens. Similarly,
a relatively higher level of connectivity was seen in the silicon network within the HAZ for higher
amounts of Si [33].

The corrosion studies on these three AM specimens revealed that, even though the corrosion
attacks seemed rather superficial for all the samples, the corrosion resistance in NaCl solution is
slightly influenced by the specific alloying content: materials with higher amounts of Si (and lower Mg
content) showed higher resistance against corrosion [33]. The corrosion resistance of the materials
showed the following relationship: AlSi12 > AlSi10Mg > AlSi7Mg0.6. The relatively low resistance
against corrosion for the AlSi7Mg0.6 specimen could be due to the higher amount of Mg present in this
material compared to the others, since the presence of Mg in Al-Si alloys has repeatedly been shown
to greatly influence their corrosion behaviour through the formation of Mg2Si precipitates [71–73].
Furthermore, earlier research has shown that the corrosion resistance of Al-Si alloys decreases by
increasing the content of Mg [73]. Nevertheless, it is important to notice that (to the best of our
knowledge) the actual formation of Mg2Si particles in additively manufactured Al-Si alloys has not yet
been confirmed, due possibly to the extremely high cooling and solidification rates resulting in a very
fine (out-of-equilibrium) distribution of alloying elements with almost no time for the formation of the
usual precipitates. We believe that the possible formation of Mg- and Fe-containing precipitates in
these materials should be more systematically studied in future works.

Moreover, due to the relatively high connectivity of the Si network in the as-built AM AlSi12
material, no micro-cracks were formed after corrosion; while for the case of AlSi7Mg0.6 and AlSi10Mg
several micro-cracks were seen at heat-affected-zones next to the MPBs [33]. This selective cracking
seems to be caused by the combination of several factors: the relatively larger disruption of the
Si network in the HAZ, the selective dissolution of the Al matrix around the MPBs/HAZ due to
the presence of a corrosive medium, and the existence of residual internal stresses from the MAM
process [33].

Cabrini et al. also conducted a comparative study using AlSi7Mg0.6 and AlSi10Mg to investigate
the combined effect of Si content and heat treatment on the susceptibility of these materials to corrosion
attack [46]. They demonstrated that in the case of as-built (untreated) specimens, higher Si content
in the material resulted in a lower penetration depth of the corrosion attack. As mentioned above,
this could be due to the higher level of connectivity achieved in the Si network for higher amounts of
Si in the alloy [33]. On the other hand, after heat treatments, the Si network (partially) breaks into
isolated Si particles, resulting in greater penetration depth of the corrosion attacks for samples with the
highest Si content. For higher amounts of Si, larger Si particles will be formed after heat treatment.
These isolated Si particles present a more cathodic potential than the Al matrix, being the main cause
for the localized corrosion in these materials (due to galvanic coupling effect). For larger Si content and
Si particles formed after heat treatment, larger will be the extent of this corrosion attack, which will
then not be contained/stopped by the (partially) broken Si network.

3.4. Effect of Surface Roughness on Corrosion

In order to study the effect of surface roughness on the corrosion behaviour of additively
manufactured Al-Si alloys, several works compare the corrosion performance of as-built AM specimens
with that of polished or ground samples [44,50,53,60,70]. In most of these cases, it was shown that
the corrosion resistance in NaCl solution [44,50,53,60], as well as the low cycle corrosion fatigue life
span [70], is improved after mechanical polishing. The reduced corrosion resistance of as-produced
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SLM samples was ascribed to the excessive number of cavities and other surface defects generated
during the SLM process at the external sample surface. These surface defects will induce localized
corrosion in the form of pits, which could then be considered as crack initiation sites. The stimulated
crack initiation and propagation of the unpolished samples thus resulted in a relatively accelerated
corrosion fatigue failure [70]. Nevertheless, while studying the effect of surface finishing on the
corrosion properties of AlSi10Mg prepared by direct laser sintering, Fathi et al. [60] concluded that
during the initial stage of immersion in NaCl solution, SLS-prepared samples had a higher corrosion
resistance than ground specimens. Ground specimens were characterised by a high selective attack
mainly at the heat-affected zones next to the MPBs, while only a minor attack on the surface of as
produced samples was seen. The authors believe that this is caused by a less protective passive film on
the ground samples. However, for long immersion times, a change in corrosion behaviour was seen.
It was reported that the ground SLS samples now had the highest corrosion resistance. This might
indicate that during the initial stage of immersion in a corrosive medium, the internal microstructural
features (such as MPBs), which are more pronounced for polished/ground specimens, play a more
dominant role in the corrosion process.

An improved surface quality of AM samples is, however, not always possible to obtain by
post-printing operations, like mechanical polishing/grinding due to the complex shape of the final
printed parts. Therefore, methods such as shot peening and sandblasting (among others) are sometimes
applied in order to improve the surface quality of the as-built parts. Some works have been dedicated
to studying the effect of such methods on the corrosion behaviour of these materials. The results
demonstrate that shot-peened and sandblasted materials present a slightly higher resistance against
corrosion than as-built parts due to the reduction of surface roughness and superficial defects [50,60].
However, a much better corrosion performance is obtained always for the polished or ground samples.
Fathi et al. [60] propose that it is of the utmost importance to perform a post-grinding operation,
in order to substantially improve the corrosion properties of the printed parts. Cabrini et al. [48]
further showed an improvement of the corrosion resistance of as-produced parts by bright dipping
in a phosphoric/nitric acid bath, attributed to the removal of the oxide film formed during printing.
Moreover, they noticed that the corrosion resistance worsened after a bright dipping of mechanically
polished parts, caused by the silicon enrichment at the surface during etching.

Furthermore, the surface roughness can also be improved by changing the printing parameters.
Calignano et al. [74] studied the effect of different printing parameters on the surface roughness of
AlSi10Mg DMLS produced samples. They found that the scanning speed had the greatest influence
on the surface roughness, followed by the hatching distance. Fathi et al. [57] studied the corrosion
properties of as-produced SLS samples with improved surface quality. The reduced surface roughness
was obtained by adjusting the beam offset and reducing the scanning speed and hatching distance,
as was suggested by Calignano et al. [74]. They reported that by changing the printing parameters,
like the hatch distance, not only does the surface quality change for the better, but the degree of overlap
between melt pools changes as well. Furthermore, this study showed that by reducing the hatch
distance a material with periodically large and small melt pools is obtained. This overlap between
melt pools was shown to play an important role in the solidification behaviour: for higher overlap,
the higher the solidification rate will be. The authors claimed that in those cases not the surface
roughness, but the resulting microstructure has the largest effect on the corrosion properties of the
as-produced parts. Moreover, the material with the finest microstructure, originating from the higher
degree of melt pool overlap, showed the best corrosion properties. This was attributed to the fact that
the coarser the microstructures of the Al dendrites and the Si particles are, the higher the galvanic
coupling and galvanic corrosion [57].

3.5. Corrosion Protection

Even though several studies have demonstrated that the special conditions during MAM have a
great influence on the microstructure and corrosion behaviour of these materials, not many works
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have been dedicated to investigating the influence of their special microstructure on the mechanisms
of corrosion protection. To date, only a few studies explore the impact of microstructure, heat
treatments, Si content, and defects on the anodizing behaviour of Al–Si alloys prepared by selective
laser melting. Anodizing of aluminium and aluminium alloys is done to improve their corrosion
protection. Galvanostatic anodizing of SLM produced Al-Si alloys in H2SO4 electrolyte was studied by
Revilla et al. [41,43,67,75]. They concluded that it is possible to anodize SLM produced Al–Si alloys.
However, it was shown that the characteristic microstructure of SLM produced parts will have a
significant impact on the voltage-time response and on the formed anodic oxide film. Furthermore,
they showed a rather significantly different anodizing behaviour when compared to the cast alloy of
similar chemical composition. The voltage-time response of the cast alloy shows the typical steady-state
growth regime, while the AM material, on the other hand, showed a continued increase in voltage
until eventually a steady-state was reached. Due to the fine distribution and high connectivity of the
Si network in as-built AM Al-Si alloys, the moving oxide front will be obstructed to a larger extent
resulting in the formation of a thinner oxide film. Moreover, a significantly lower oxide growth rate
was seen for the SLM alloy compared to the cast alloy. This lower oxide growth rate was attributed to
a larger fraction of the anodic charge consumed by Si oxidation in the SLM alloy. The effect of the
Si distribution on the anodizing behaviour of Al-Si alloys was also studied [43]. It was shown that
the melt pool borders in SLM produced parts have a eutectic Al-Si structure with alternating lamellae
consisting of Al and Si. This lamellae structure was attributed to the lower cooling rate in these melt
pool borders compared to the centre of the melt pools. Furthermore, it was reported that in these melt
pool borders the Al content was slightly lower compared to the average value in the whole sample,
and the Si content slightly higher [43]. This slightly higher Si content and eutectic Al-Si lamellar
structure in the melt pool borders was suggested to cause the relatively thinner oxide film formed
at these melt pool borders. An XPS analysis reported that in the anodic film of the cast alloy only a
superficial layer of the Si precipitates is oxidized. However, in the SLM samples, most of the Si in the
anodic film is oxidized; this was suggested to cause a severe reduction of the anodizing efficiency
compared to the cast alloy. It was shown that the anodic film formed on the cast alloy has a much
higher roughness than the anodic film formed on the AM specimen. This roughness difference was
attributed to the difference in aluminium cell size between the cast alloy and the SLM alloy [43].

Moreover, a great anisotropy was also seen during the galvanostatic anodizing of as-built AM
Al-Si samples [41,75]. The voltage–time response curves of the AM material showed a different
response depending on the orientation of the surface that was anodized. The voltage–time response of a
surface parallel to the building platform (XY surface) was shown to give a higher steady-state potential
value than that of a surface with an orientation perpendicular to the building platform (XZ surface).
This asymmetric anodizing behaviour was found to be independent of the Si content in the alloy.
The authors proposed that this asymmetry could be related to the difference in the size of aluminium
cells in the different planes [41], or differences in the density of melt pool borders encountered by the
anodizing front [75].

A unique pore structure was seen for the SLM alloys. A branched-like pore structure was seen
throughout the whole anodic film. This pore structure was attributed to the fine distribution of
the silicon phase in an almost continuous network encapsulating the aluminium in small cells [41].
Revilla et al. [75] further reported that the Si content in the alloy has a significant effect on the pore
structure of the anodic film, i.e., the higher the Si content the higher the voltage response will be.
As a consequence of the higher voltage response, wider pores with a greater inter-pore distance are
obtained. Furthermore, the pore density is shown to decrease with Si content.

Rubben et al. [67] studied the effect of several heat treatments on the anodizing behaviour of SLM
produced AlSi10Mg. It was shown that anodizing behaviour depends strongly on the morphology of
the Si phase, which can be highly affected by the heat treatment applied. For the non-heat treated and
the artificially aged (at 170 ◦C for 6 h) samples, the Si phase consists out of a rather continuous network,
consequently, most of the Si encountered by the anodizing front will be oxidized. For the stress

18



Materials 2020, 13, 4804

released heat-treated samples (at 250 and 300 ◦C for 2 h), the Si network is broken up into separated
Si precipitates [67]. As a consequence, only a fraction of the Si phase will be oxidized. It was shown
that the difference in Si phase morphology can give rise to significantly different anodizing behaviour.
Furthermore, they reported that voltage–time response during anodizing varied strongly depending
on the heat treatment applied. The steady-state anodizing potential was reported to increase with the
anodized Si fractions [67]. Additionally, the anodizing efficiency was shown to decrease with a higher
anodized Si fraction.

Finally, Revilla et al. [75] investigated the influence of internal pores, resulting from the MAM
process, on anodizing behaviour. They showed that when the moving oxide front encounters such a
pore, the sides of the pores get anodized. Furthermore, the sides of the anodized internal pores showed
cracks, probably caused by the volume expansion of anodic layers advancing in opposite directions [75].
Even though the cracks observed were relatively small (1–2 μm), they could compromise the physical
integrity of the final piece. Additionally, these cracks could facilitate the access of corrosive media to
the metal matrix.

Other studies are needed in the future to further understand the anodizing behaviour of these
materials under other anodizing conditions such as: potentiostatic anodizing regime, different
electrolytes, and study the effect of surface roughness. Moreover, the effect of microstructure and
microstructural defects on other surface treatments aimed at the protection of the materials against
corrosion should also be investigated.

4. Other Al Alloys

Besides the Al-Si alloys discussed in previous sections, only very few other additively manufactured
Al-based alloys have been considered so far for corrosion studies. The only other cases are, to the
best of our knowledge, AA2024 and AA7075 [76,77]. For AA2024, the main alloying agent added is
Cu, while for AA7075 the primary alloying element is Zn. The specifications concerning the chemical
composition of these alloys are given in Table 2. AA2024 is a heat-treatable alloy widely used in aircraft
structures due to its high strength to weight ratio, as well as good fatigue resistance. AA7075 has high
specific strength, low density, and good thermal properties, for which it is widely used in transport
applications, including marine, automotive, and aviation, as well as in-mold tool manufacturing.

Table 2. Specification of chemical composition for AA2024 and AA7075.

Material Al Si Fe Cu Mn Mg Cr Zn Ti

AA2024 Balance <0.5 <0.5 3.8–4.9 0.3–0.9 1.2–1.8 <0.1 <0.25 <0.15
AA7075 Balance <0.4 <0.5 1.2–2 <0.3 2.1–2.9 0.18–0.28 5.1–6.1 <0.2

Previous work on polished wrought and additively manufactured AA2024 revealed that due
to the special conditions associated with the selective laser melting process (i.e., highly localized
melting and subsequent rapid solidification), the microstructure of AM AA2024 was characterized
by a refined particle size [76]. The traditional micrometre-sized constituent particles and the S-phase
Al2CuMg present in wrought AA2024-T3 were instead replaced by nm-sized particles, which were
mainly determined to be θ-phase Al2Cu. This highly refined microstructure was shown to greatly
impact the corrosion behaviour of this material according to results obtained in polished samples [76].
While the anodic current was found to increase rapidly for potentials above the corrosion potential
during anodic polarization of wrought AA2024-T3, the additively manufactured AA2024 materials
presented a passive-like window. This could be due to the finer microstructure found in the additively
manufactured material compared to the wrought specimen, which resulted in a thicker and more stable
native oxide film; as well as the absence of S-phase precipitates in AM AA2024. It was also shown
that the corrosion rate of the Al matrix in 0.01 M NaCl for the AM AA2024 material was about five
times lower than that measured in wrought AA2024-T3. Moreover, the dissolution ratio between the
alloying elements (Cu and Mg) and that of Al was about ten times higher for the AM AA2024 sample
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than for the wrought AA2024-T3. As the authors stated, the dissolution of these alloying elements at
the early stages of corrosion is beneficial since it reduces the number of cathodic sites that would be
detrimental for subsequent localized corrosion.

The relation between microstructure and corrosion behaviour has also been studied for
AA7075 materials [77]. Gharbi et al. [77] demonstrated that while coarse (up to approximately
15 μm in size) second phase Al-Cu-Fe(-Si) particles exist in the traditional wrought AA7075-T6
material, finely distributed nm-sized Mg-Zn-Cu(-Al) (ν-phase) and Mg2Si (β-phase) characterize the
microstructure of additively manufactured AA7075 prepared by SLM. This microstructure was also
shown to vary significantly after solutionising and subsequent artificial ageing. The existing ν-phase
in as-built specimens was dissolved after solutionising, while the subsequent aging resulted in the
formation of MgZn2 precipitates. Concerning their corrosion behaviour, the authors demonstrated
that, depending on the post-heat-treatment, AM AA7075 presented a higher corrosion resistance
compared to wrought AA7075-T6 [77]. While as-built AM AA7075 and wrought AA7075-T6 presented
a highly active behaviour during anodic polarization in NaCl solution, the heat-treated specimens
presented a passive-like behaviour. The immersion of the samples in a NaCl solution revealed that pits
formed in as-built AM AA7075 were notably smaller compared to those formed in wrought AA7075-T6,
possibly due to the fine microstructural features and the absence of large second phase particles in the
AM material compared to its wrought counterpart. Moreover, while pitting occurred predominantly
along the melt pool borders in the case of polished as-built AM AA7075, pits were uniformly distributed
on the Al matrix for the solutionised AM material. Due to the formation of MgZn2 precipitates in the
solutionised aged samples, large pits were formed along grain boundaries [77].

To enhance the metallurgical state of the AA7075 alloy, and therefore, make it more suitable
for processing by additive manufacturing, the minor addition of transition elements such as Sc, Zr,
Ti, B, Fe, and Ni has been explored [78]. The addition of these elements influenced the resulting
microstructure of AM AA7075. Therefore, further studies should focus on investigating the effect of
this microstructure and additional alloying elements on the corrosion resistance of this material.

In general, as for AM Al-Si alloys, the special conditions during additive manufacturing
(i.e., highly localized melting and solidification accompanied by extremely high cooling rates) seem
to promote a high refinement of the microstructure of these materials and/or the annihilation of
certain precipitates/phases. This is generally beneficial in terms of corrosion resistance since it greatly
reduces the possible cathodic sites and the galvanic interactions that can promote localized corrosion.
Nevertheless, there is a need for further investigations of the corrosion behaviour of other AM Al-based
alloys, or Al alloys prepared by MAM techniques other than selective laser melting.

5. Summary and Outlook

1. Due to the special conditions associated with the metal additive manufacturing processes,
numerous macro- and micro-structural defects can exist within the printed parts. Defects such as
porosity, remaining unmolten powder, high surface roughness, and residual stresses, can greatly
influence the corrosion performance of these materials. Even though the existence of some of
these defects can be limited by carefully tuning the process parameters, they cannot be fully
avoided due to the large number of parameters involved and the high complexity of the process.
In general, more research should be conducted in order to better understand the influence of
these defects and the combined impact of process parameters on the corrosion resistance of
these materials.

2. Aside from Al-Si alloys (and specially AlSi10Mg alloy), very limited research has been published
concerning the corrosion resistance of other additively manufactured Al alloy parts. More focus
should be given to other types of 3D-printed Al-based alloys. Moreover, further research is needed
to study the microstructure and corrosion behavior of additively manufactured parts prepared
using other metal additive manufacturing methods besides selective laser melting/sintering.
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3. In general, most of the published works on additively manufactured Al-based alloys agree that
their corrosion resistance is similar to or higher than that of the same alloys fabricated using
traditional manufacturing methods.

4. Due to the special conditions associated with the metal additive manufacturing processes (for
instance: the use of pre-alloyed metal powder and highly localized (re)melting combined with
high cooling rates), a unique microstructure formed by a fine Si network that encloses the α-Al in
small cells of varying sizes across the melt pools characterizes the printed Al-Si alloys specimens.
A great number of works have already shown that the corrosion behavior of these materials
is greatly influenced by this special and unique microstructure. The borders of the melt pools
(where larger cells are found) have been identified as vulnerable sites for corrosion to initiate and
further propagate. However, in general, the existence of a rather connected Si network for the
case of as-built specimens prevents/holds the corrosion from penetrating deeper into the material.

5. The specific (out of equilibrium) microstructure obtained by SLM processing makes the materials
susceptible to certain heat treatments (such as stress release and solution T6 heat treatments).
Depending on the temperature of the heat treatment, these can disrupt the silicon network in
Al-Si alloys, leading to the formation of large and separate Si precipitates. Aside from negatively
impacting the mechanical properties, this also affects the corrosion resistance. The disruption of
the Si network allows corrosion to penetrate deeper into the material, while larger Si precipitates
disrupt the formation of a compact passive layer and form larger cathodic sites that increase the
driving force for galvanic corrosion. Additionally, the presence of Mg in most Al-Si alloys makes
the material susceptible to precipitation hardening through the formation of Mg2Si precipitates.
However, the presence of these precipitates can greatly affect the pitting corrosion process in
these materials. An alternative to stress release heat treatment is the heating of the building
platform during production. In this way, alternation of the microstructure and subsequent change
in corrosion behavior can be prevented. However, more research on different building platform
temperatures and their effect on the microstructure and corrosion behavior is required. Moreover,
further work should focus on adapting existing heat treatments to the specific microstructure of
the additively manufactured materials.

6. For additively manufactured Al-Si alloys, increasing the amount of Si, greatly increases the level
of connectivity of the silicon network, which reduces the penetration depth of the corrosion attack.
However, in these alloys, the presence of small amounts of Mg and Fe cannot be ignored during
the analysis of the corrosion behavior.

7. It has been shown that the choice of printing parameters can greatly affect the surface roughness
of the printed parts, and thus also their corrosion resistance. The scanning speed, followed by the
hatching distance, was reported to have the largest effect. Altering the manufacturing parameters
to reduce the surface roughness could also affect the microstructure. In general, an improvement
of the corrosion resistance has been reported for samples that underwent post-printing operations
to reduce their surface roughness (such as shot peening, sandblasting, and bright dipping)
compared to as-produced samples. However, further work is needed to better understand the
performance of other post-printing processes (for instance electro-polishing), as well as their
effect on the corrosion behavior of additively manufactured Al-based alloys.

8. In general, a limited number of studies have been conducted to understand the mechanisms
of corrosion protection of additively manufactured metal parts. Studies on the galvanostatic
anodizing of 3D-printed Al-Si alloys demonstrated that the special microstructure of these
materials greatly influences the typical voltage-time behavior as well as the characteristics
of the anodic oxide layer. A significantly lower oxide growth rate was seen for additively
manufactured Al-Si parts compared to cast alloy, attributed to the larger fraction of the anodic
charge consumed by the oxidation of the Si phase. The porous anodic oxide film, thinner around
the melt pool borders, was characterized by the formation of branched-like pores. The anodizing
behavior as well as the anodic oxide layer of additively manufactured Al-Si alloys is greatly
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affected by defects and special features typical from the metal additive manufacturing process.
The intrinsic anisotropy, melt pool borders, and internal pores are among those features affecting
the anodization process. More research is still needed to better understand the impact of other
defects such as unmolten powder and residual stresses on the anodizing behavior of these
materials, as well as to further investigate the properties of the formed anodic oxides. Moreover,
additional research is required to understand the anodizing behaviour of these materials under
other anodizing conditions such as potentiostatic anodizing regime and different electrolytes.
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Abstract: The effect of microstructure on the susceptibility to selective corrosion of Alloy 625 produced
by laser powder bed fusion (LPBF) process was investigated through intergranular corrosion tests
according to ASTM G28 standard. The effect of heat treatment on selective corrosion susceptibility
was also evaluated. The behavior was compared to commercial hot-worked, heat treated Grade 1
Alloy 625. The morphology of attack after boiling ferric sulfate-sulfuric acid test according to ASTM
G28 standard is less penetrating for LPBF 625 alloy compared to hot-worked and heat-treated alloy
both in as-built condition and after heat treatment. The different attack morphology can be ascribed
to the oversaturation of the alloying elements in the nickel austenitic matrix obtained due to the very
high cooling rate. On as-built specimens, a shallow selective attack of the border of the melt pools was
observed, which disappeared after the heat treatment. The results confirmed similar intergranular
corrosion susceptibility, but different corrosion morphologies were detected. The results are discussed
in relation to the unique microstructures of LPBF manufactured alloys.

Keywords: additive manufacturing; corrosion; alloy 625; selective corrosion; oil and gas;
materials qualification

1. Introduction

Alloy 625 (UNS N06625) is one of the most used material in chemical and oil and gas industries for
its corrosion resistance in either oxidant or non-oxidant acids. It is also used in the aerospace industry
thanks to the resistance to thermal oxidation [1,2]. In the oil and gas industry, high aggressiveness of the
environment requires the use of materials with outstanding corrosion resistance to ensure the reliability
of assets, reduce the risk of breakage, prevent consequences on the environment and guarantee the
safety of people. The continuous growth of demand and the depletion of reservoir lead the oil and
natural gas extraction industry to exploit deeper wells, with extreme conditions (High Pressure High
Temperature Wells—HPHT). The use of traditional alloys with low both mechanical and corrosion
resistance is not suitable under such hypothesis and international standards i.e., NACE MR 0175/ISO
15156 defines such environment as “sour” even in presence of few ppm of H2S in the formation gas
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due to the high operating pressures. Materials resistant to sulfide stress corrosion cracking (SSCC) are
required in these environments and high temperatures, high fraction of water in the formation and
presence of CO2 and H2S implies the use of general and localized corrosion resistant alloys (Corrosion
Resistance Alloys—CRA). Inconel 625® (Alloy 625) is a nickel-based superalloy strengthened by
solid-solution hardening of Nb and Mo in a Ni-Cr matrix [3]. Alloy 625 has a combination of high
yield strength, fatigue strength, and excellent corrosion resistance in aggressive environments, it has
found widespread applications in the aerospace, marine, and nuclear industries where complex shapes
are often required. The alloy shows general corrosion rates less than 0.5 mm/year in concentrated
non-oxidizing organic and inorganic acids [4,5]. The resistance to pitting is very high, much higher than
the traditional austenitic stainless steels. Thanks to the high nickel content, it is immune to chloride
stress corrosion (SCC, Stress Corrosion Cracking). Alloy 625 is precipitation-hardening alloy, due to
the formation of very fine phases, which strengthen the austenitic matrix, because of aging treatments
between 550–750 ◦C. The formation of these phases or their decomposition modifies both the yield
strength and ductility of the alloy [6]. Furthermore, the formation of carbides and secondary phases
can also affect the corrosion resistance. In particular, the alloy can become susceptible to intergranular
corrosion if subjected to improper solubilization treatment [7].

In the last years, a very promising additive manufacturing (AM) technique has been developed in
order to find alternative processes based on Laser Powder Bed Fusion (LPBF) of metal powders—layer
by layer—by using a laser following the 3D CAD model. This production method has advantages in
terms of cost reduction and lead time, because it eliminates swarf—typical of traditional subtractive
machining—welding operations, and assembly phases. Lot of efforts has been devoted to AM of Alloy
625 alloy [8–14]. Alloy 625 is sensitive to precipitation of intermetallic phases such as Ni3M phases,
Ni2(Cr, Mo) Laves phase as well as MC primary carbides and M6C and M23C6 secondary carbides.
Large amount of literature exists on the heat-treatment-induced phase evolution of wrought Alloy
625 [3,15,16]. The effect of post-weld heat treatment has been also studied by several groups [17–19].
As AM techniques are processes characterized by melting and solidification, microstructures are
expected to be different due to different thermal gradients. Precipitation of phases that occurs in AM
Alloy 625 are not present at all in wrought material or they only appear after tens to hundreds of
hours [2].

Despite huge amount of data and scientific papers regarding the mechanical, physical and
microstructural characterization of AM of nickel-based alloys, on the authors knowledge there are
no works on the corrosion behavior of the alloy obtained by means of LPBF. On the contrary several
works underline the effect of the different microstructures obtained by means of LPBF on the corrosion
behavior of Ti6Vl4V alloy [20–22], on AISI 316L [23–25], high strength steels [26] on Cr/Co alloys [27,28]
and AlSi10Mg [29–34].

The relation between microstructure and corrosion resistance is of fundamental importance for
the qualification of materials selected for hostile environments. The paper is devoted to the study of
susceptibility to intergranular corrosion of Alloy 625 produced by LPBF in as-built condition and after
typical heat treatment usually recommended for oil and gas service. The behavior of LPBF alloy has
been compared to hot-worked, heat treated commercial Alloy 625.

2. Materials and Methods

Commercial gas atomized Alloy 625 powder was used for LPBF process and hot-worked bar
with 16 mm diameter was considered for comparison purposes. The bar was furnished in annealed
condition, after heat treatment at 980 ◦C for 32 min and water quenching (Grade 1, according to ASTM
B446 standard). The chemical composition of LPBF and hot-worked alloys as well as microstructures
are shown in Figure 1. The microstructure was revealed by grinding with silicon carbides emery
papers up to 4000 grit, polishing with diamond paste up to 1 μm, and then etching with Kalling’s
N◦2 reagent or electrolytic oxalic acid according to ASTM A262—Practice A. As-built LPBF specimens
were etched by Mixed Acid Solution (15 mL HCl, 10 mL H3COOH and 10 mL HNO3, Carlo Erba RPA
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reagents, Cornaredo, Milan, Italy) (Figure 1). The microstructures of LPBF specimens were observed
on planes parallel or perpendicular to the building direction, whereas hot-worked specimens were
only examined on transverse plane.

Figure 1. Chemical composition and 3D optical image composite of as-built IN625 sample showing
the melt pool contours (MPCs) along the building direction (z-axis) and perpendicular to the building
direction (x-y) plane; mixed acids reagent was used.

2.1. Specimens

Cubic specimens of 15 mm side were printed by means of an EOSINT M270 (EOS Gmbh, Krailling,
Germany) Dual Mode version working under argon atmosphere. The device operates at 195 W laser
power, 1200 mm/s scan speed, 0.09 mm hatching distance as well as 0.02 mm of layer thickness. The
scanning strategy involves the rotation of laser beam of 67◦ between consecutive layers based on the
EOS strategy. The combination of the process parameters and scanning strategy allows the production
of parts with a residual porosity less than 0.1%. More in-depth information about optimization
procedure and building parameters were previously published [14,35]. Specimens in as-built condition
and after post-processing annealing heat treatment at 980 ◦C for 32 min were considered. Five
millimeters high cylindrical specimens were obtained by cutting the hot-worked bar.

2.2. Corrosion Tests

Boiling ferric sulfate/sulfuric acid corrosion tests were carried out according to ASTM G28 standard,
method A. Before testing, the surface of specimens was grinded up to 1200 grit by silicon carbides
emery paper. Two faces of LPBF specimens were ground and polished up to 1 μm diamond paste in
order to permit observations of corrosion morphology on main planes, i.e., XY plane and XZ plane
parallel and perpendicular to the building plane, respectively. One face was polished for observing
morphology on plane transversal to rolling direction on disk specimens. Afterwards, the specimens
were degreased in acetone in ultrasonic bath, rinsed in water and dried before their immersion in the
boiling test solution. Before and after tests, the specimens were weighed by means of analytic scale to
measure the weight loss and corrosion rate.

3. Results and Discussion

Table 1 shows the results of 120 h weight loss tests in boiling ferric sulfate/sulfuric acid solutions
(ASTM G28 Method A). The highest corrosion rate was observed on hot-worked alloys. The LPBF
specimens showed about the half and the third the corrosion rate measured on hot-worked specimens
in as-built conditions and after heat treatment at 980 ◦C for 32 min, respectively. The corrosion
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morphology of these specimens is flat and even. On the contrary, hot-worked alloy showed penetrating
corrosion attack, more severe compared to LPBF specimens.

Table 1. Results of 120 h weight loss test in boiling ferric sulphate/sulfuric acid solution (ASTM G28).

Metallurgical
Condition

Specimens
Exposed Surface

[cm2]
Initial Mass *

[g]
Final Mass *

[g]
Mass Variation

[g]
Corrosion Rate

[mdd]

Hot worked bar/Grade
1 annealing

HW1 6.05 6.73923 6.63074 0.10849 359
HW2 6.13 7.16643 7.06459 0.10184 332

LPBF as built
LPBF NHT1 13.50 28.23744 28.12392 0.11352 168.2
LPBF NHT2 13.35 27.03907 26.92816 0.11091 166.2

LPBF/Grade 1 annealing LPBF HT1 13.06 28.24230 28.16770 0.0746 114.2
LPBF HT2 13.12 28.34171 28.26959 0.07212 109.9

* Average of 3 measurements.

Figures 2 and 3 show the corrosion morphology of the specimens after 120 h exposure tests in
boiling ferric sulphate/sulfuric acid solution according to ASTM G28 standard. The building direction
of LPBF specimens and the rolling direction of the hot-worked bar is represented by the yellow
arrows. Figure 2 shows the images of the metallographic sections of the alloys taken at low and high
magnification. HW specimens showed penetrating intergranular attack mainly located at the center of
the specimen (Figure 2a,d).

(a) (b) (c) 

(d) (e) (f) 

Rolling direction 

Rolling direction 

Building direction Building direction 

Building direction Building direction 

Melt pool borders 

Figure 2. SEM images of Alloy 625 after intergranular corrosion tests. Metallographic section of
commercial rolled alloy along the rolling direction (a) detail of the attack on the surface perpendicular
to the rolling direction (d). Metallographic section of LPBF alloys along the building direction in as
produced conditions (b,c) and after heat treatment (e,f).
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(a) (b) (c) 

Rolling direction Building direction Building direction 

Figure 3. SEM images of the polished surface of the specimens after the tests of intergranular corrosion.
(a) hot-worked bar, (b) LPBF as-built, (c) LPBF heat treated.

The intergranular attack produced also grain dropping, as evidenced by the analysis of the
surface after exposure (Figure 3a). The high value of the corrosion rate is practically due to grain
dropping. The morphology of the corrosion attack on LPBF as-built is far more even (Figure 2b,e),
but the attack follows different paths. The morphological analysis emphasizes the unique melt pool
microstructure-typical of LPBF processing—formed by overlapped laser scan traces (Figure 3b). The
melt pool structure is well-defined and penetrating attacks along the borders can be clearly detected.
Finally, the attack takes place in form of shallow attacks on the heat treated LPBF specimens (Figure 2c,f)
and the melt pool borders are no more evident. Equiaxed grain microstructure is evidenced by the
corrosion attack (Figure 3c).

The differences in the morphology of attack is strictly related to the microstructure of the alloy,
which depends upon the manufacturing process and the heat treatments. HW alloy shows a deep
intergranular attack very close to the axis of the bar, where strong segregation of several precipitates at
the grain boundary occurred. This is well evidenced by the presence of certain amount of both macro
and micro-precipitates (Figure 4). The EDS analysis carried out on these precipitates confirmed the
presence of Nb-rich phases, mainly MC carbides.

Figure 4. Microstructure of HW specimens (a,b) (Kalling’s attack) and EDS spectrum of
macro-precipitates (c) taken in the point evidenced in (a).

Owing Kim and Lee, the formation of carbides can be a factor contributing to the degradation
of corrosion resistance of Alloy 625, because intergranular areas of carbides are thermodynamically
more unstable and react more readily than other intergranular ones [36]. Cortial et al. studied the
effect of heat treatment on the corrosion resistance of forged and welded nickel superalloys [37,38].
They concluded that hardening between 650 and 800 ◦C results in dislocation gliding of matrix, γ”
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precipitation and maximum of intergranular precipitation of fine M23C6 carbides. Tensile strength and
intergranular corrosion become maxima, impact strength and reduction of area become minima in the
field of M23C6 and M6C intergranular precipitation between 700 and 950 ◦C. Furthermore, the carbides
have a higher Cr concentration than that in the base metal and they deplete the surrounding matrix
in chrome, thus decreasing its corrosion resistance. However, the precipitates founded in this works
were mainly enriched in Nb. The role of Nb rich precipitates in the corrosion of Alloy 625 alloy was
underlined by Tawancy et al. [39]. Authors made tests in boiling 10% nitric acid on Alloy 626 annealed
and aged at different time and temperature. They concluded that Ni3Nb phase formed during aging is
preferentially corroded owing the lower chromium content compared to the surrounding matrix. The
intense intergranular corrosion attack observed on the hot-worked and heat treated reference alloy
can be then ascribed both to the precipitation of MC carbides and Ni3Nb phase at the grain boundary
which is favored at the center of the bar due to the production process.

The intergranular attack is not so penetrating in as-built LPBF Alloy 625 alloy, and it is not
detectable at all on the LPBF alloy after the heat treatment. The microstructure of the as-built samples
obtained in this work shows columnar grains (CGs) developing epitaxially, thus crossing several melt
pools along the building direction (z-axis) (Figure 5). The marks underline the different melt pool
borders (MPCs) along both the building direction (z-axis) and perpendicular to the building platform
(x-y plane). The melt pools are not all placed straight along the building direction due to the scan
strategy which involves laser beam rotation of 67◦ between two consecutive layers [14,40,41].

Figure 5. FESEM images at different magnification (a,b) exhibiting melt pools with columnar and
cellular primary dendrites for as-built IN625 sample; mixed acids reagent.

During the LPBF process, the solidification rate is different between the upper and lower zones of
the melt pool. In the lower part of the layer the cooling speed is very high, while the upper part cools
more slowly.

Figure 5a reveals the FESEM (Field Emission Scanning Electron Microscope) image of as-built
Alloy 625 samples along the building direction. The melt pools are made up of very fine primary
dendritic structures which have both cellular and columnar shapes, as shown in Figure 5b. The cellular
dendrites structure is due to the alteration of columnar dendrite structures caused by very high cooling
rates, as previously reported [42].

At higher magnification (Figure 6), very fine bright precipitates along the dendritic areas indicated
by arrows 1 and bright elongated phases along the inter-dendritic regions pointed out by arrows 2 can
be observed. Previous TEM investigations performed on as-built Alloy 625 (produced with the same
process parameters) [43] reported a relatively high concentration of Nb and C for these precipitates,
suggesting the early stage formation of fine MC carbides. EDS results revealed enrichment in Nb and
Mo within the inter-dendritic areas, indicated possible segregation of Nb and Mo due to their elevated
tendency to segregate, as confirmed by the literature [44,45].
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Figure 6. FESEM images of as-built IN625 sample at high magnification (a) columnar dendritic
structures with nanoprecipitates (1) and segregation of Nb and Mo within the inter-dendritic zones (2);
(b) cellular dendritic structures with nanoprecipitates (1) and segregation of Nb and Mo within the
inter-dendritic areas (2).

These precipitates did not influence the corrosion resistance of the alloys owing to their very
small sizes. On the other hand, the attack seems to be preferentially located along the border of the
melt pools.

Dinda et al. hypothesized the precipitation of intermetallic γ” [Ni3Nb] and δ [Ni3Nb] phases in
the heat affected zone at the border of melt pool [9], taking into account also the reticular parameters
modifications in the Ni matrix. Anam et al. reported the presence of γ” [Ni3Nb] precipitates at the
border of melt pool [46]. A similar attack morphology was observed also for aluminum alloys [29,32,34].
However, the preferential attack at the border of the melt pool does not penetrate in depth for Alloy 625.

The heat treatment at 980 ◦C for 32 min dissolved the melt pool microstructure obtained by the
LPBF process (Figure 7a). The specimens presented columnar grains along the building direction,
coupled with the formation of fine carbides as displayed in Figure 7b,c. The carbides had dimensions
from nanometric size (around 40 nm) as well as larger size roughly around 500 nm, as can be seen in
Figure 7c,b, respectively. In order to detect a chemical composition variation, the EDS analysis was
performed on the largest carbides.

EDS scan line (Figure 7d) revealed that the carbides are enriched in Nb and depleted of Cr
suggesting the formation of MC carbides, which is in accordance with the TTT (Time Temperature
Transformation) diagram of Alloy 625 [47].

The very low susceptibility to intergranular corrosion of the heat-treated specimens could be
attributed to the absence of macroscopic precipitation as the size and distribution of the precipitate are
coherent with the rounded pits on the surface of the specimen at the end of the intergranular corrosion
test (Figure 7a). The precipitation of second phases is not continuous. This promotes a quite even not
penetrating corrosion attack that does not penetrate significantly in depth along the grain boundaries,
without any dropping. Thus, very low loss of weight was measured due to this fact.
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Figure 7. (a) Optical microscopy image of LPBF Alloy 625 annealed at 980 ◦C for 32 min and water
quenched showing columnar grains along the building direction; (b,c) FESEM images of IN625 sample
annealed at 980 ◦C for 32 min and water quenched revealing fine precipitates throughout the material,
with the largest located along the grain boundaries; (d) EDS scan line (at higher magnification) on a
carbides showing the enrichment in Nb and the depletion of Cr with respect to the austenitic matrix.

4. Conclusions

The susceptibility to selective corrosion behavior of Alloy 625 obtained by means of LPBF was
studied. The behavior was compared to commercial hot-worked, heat treated Grade 1 Alloy 625. The
morphology of attack after boiling ferric sulfate-sulfuric acid test according to ASTM G28 standard is
less penetrating for LPBF 625 alloy compared to hot-worked and heat treated alloy both in as-built
condition and after heat treatment at 980 ◦C for 32 min. Furthermore, lower weight loss of LPBF alloy
were measured.

The different attack morphology can be ascribed to the oversaturation of the alloying elements
in the nickel austenitic matrix obtained due to the very high cooling rate. The precipitates of second
phases along and inside the micro-dendrites are too small to promote preferential dissolution paths.
On as-built specimens, a shallow selective attack of the border of the melt pools was observed. The
Grade 1 heat treatment at 980 ◦C for 32 min followed by water quenching caused the melt pools
microstructure to disappear and prevent the in-depth penetration of the selective attack.
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Abstract: This work studied the effect of niobium-content on the microstructures, hardness,
and corrosion properties of CrFeCoNiNbx alloys. Results indicated that the microstructures of
these alloys changed from granular structures (CrFeCoNi alloy) to the hypereutectic structures
(CrFeCoNiNb0.2 and CrFeCoNi0.4 alloys), and then to the hypoeutectic microstructures (CrFeCoNiNb0.6

and CrFeCoNi alloys). The lattice constants of the major two phases in these alloys, fcc and Laves
phases (hcp), increased with the increasing of Nb-content because of solid-solution strengthening.
The hardness of CrFeCoNiNbx alloys also had the same tendency. Adding niobium would slightly
lessen the corrosion resistance of CrFeCoNiNbx alloys in 1 M deaerated sulfuric acid and 1 M
deaerated sodium chloride solutions, but the CrFeCoNiNbx alloys still had better corrosion resistance
in comparison with commercial 304 stainless steel. In these dual-phased CrFeCoNiNbx alloys, the fcc
phase was more severely corroded than the Laves phase after polarization tests in these two solutions.

Keywords: CrFeCoNiNbx alloys; microstructure; hardness; corrosion property

1. Introduction

The high-entropy alloy concept has been announced for many years [1], and many important
results have been published recently [2–4]. This concept creates new alloys from many elements
with different atomic radiuses and crystal structures. The final structures of the high-entropy alloys
are thus not dominated by any one of the elements because the molar fraction of each element is
not high enough. The high-entropy alloy concept has four important core effects, which are: High
entropy, lattice distortion, sluggish diffusion, and cocktail effects [4,5]. The high-entropy alloy concept
is thus used to develop new alloys with special properties because of these four core effects. Corrosion
resistance is also an important property for structural application of high-entropy alloys.

Many studies of the corrosion behaviors of high-entropy alloys have been published.
AlxCrFe1.5MnNi0.5 alloy possesses good workability and high-temperature oxidation resistance [6].
The pitting resistance of Al0.3CrFe1.5MnNi0.5 alloy can be enhanced after anodic treatment [7] because
a stable passive film can be formed on the surface. The corrosion resistance of Fe73.5Cu1NbxSi13.5B10

alloy can be improved after adding a suitable amount of Nb [8]. Moreover, FeCoNiCrCux alloy
possesses a good corrosion resistance in a 3.5% sodium chloride solution [9]. Similar results are also
observed in Al7.5Cr22.5Fe35Mn20Ni15 and Al0.5CoCrFeNi alloys [10,11]. These literatures proved that the
high-entropy alloy concept is a good method to improve the corrosion resistance of structural materials.

Referring to our previous studies, CrFeCoNi alloy has an fcc granular structure, and some
hcp Cr-rich precipitates are in the matrix [12]; it has a good corrosion resistance in 1 M deaerated
sulfuric acid and 1 M deaerated sodium chloride solutions. However, the CrFeCoNi alloy is very soft,
which limits its application. The hardness of CrFeCoNi alloy could be enhanced after the adding of
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Nb [13]. The corrosion resistance of CrFeCoNiNb alloy slightly decreases in comparison with that of
CrFeCoNi alloy, but it is still better than that of commercial 304 stainless steel. The microstructures and
mechanical properties of CrFeCoNiNbx alloys are also investigated because of their high performance
for commercial applications [14–16]. This study investigates the microstructures, hardness, and
corrosion behaviors of CrFeCoNiNbx (x = 0–1) alloys.

2. Experimental Section

The experimental CrFeCoNiNbx alloys were prepared by an arc melter in an Ar atmosphere
with a partial pressure of 200 torr, and the purities of Cr, Fe, Co, Ni, and Nb were all higher than
99.9%. The nominal compositions of CrFeCoNiNbx alloys are listed in Table 1. The microstructures of
CrFeCoNiNbx alloys for observation were metallographically prepared and chemically etched in aqua
regia (25% HNO3 and 75% HCl in volume fraction). The microstructures and chemical compositions
of the alloys were done using a field emission scanning electron microscope with an energy dispersive
spectrometer (SEM/EDS, JEOL JSM-6335, JEOL Ltd., Tokyo, Japan) operated at 15 kV. The phases in the
alloys were identified by an X-ray diffractometer (XRD, Rigaku ME510-FM2, Rigaku Ltd., Tokyo, Japan)
with Cu–Kα (with a wavelength of 1.541 Å) radiation operated at 30 kV. The microstructures and
corresponding selection area diffraction patterns (SAD) of the alloys were observed by a transmission
electron microscope (TEM, JEOL JEM-2000EX II, JEOL Ltd., Tokyo, Japan) operated at 200 kV. The TEM
specimens were electrochemically prepared by a model 110 digital Fischione twin-jet electropolisher at
a potential of 30 V (Fischione Instruments Co., Pittsburgh, PA, USA), and the solution was 10 vol.%
perchloric acid and 90 vol.% methanol. The hardness of the alloys was measured using a Matsuzawa
Seiki MV1 Vicker’s hardness tester (Matsuzawa Co., Akita, Japan) under a load of 294 N (30 kgf),
and more than five points were averaged for each alloy.

Table 1. Nominal compositions of CrFeCoNiNbx alloys.

Alloys (at.%)
Compositions (wt.%)

Cr Fe Co Ni Nb

CrFeCoNi 23.06 24.77 26.13 26.04 N/A
CrFeCoNiNb0.2 21.31 22.88 24.14 24.05 7.62
CrFeCoNiNb0.4 19.80 21.26 22.44 22.35 14.15
CrFeCoNiNb0.6 18.49 19.86 20.95 20.88 19.82
CrFeCoNiNb 16.33 17.54 18.51 18.44 29.18

Polarization curves of the alloys were tested in a potentiostat/galvanostat with a three-electrode
system (Autolab PGSTAT302N, Metrohm Autolab B.V., Utrecht, the Netherlands). The exposed surface
of each as-cast CrFeCoNiNbx alloy for polarization testing was fixed at 0.1964 cm2 (with a diameter of
0.5 cm). The reference electrode was a saturated silver chloride electrode (Ag/AgCl), and the counter
electrode was a Pt wire. The potential of a saturated silver chloride electrode (SSE, VSSE) is 222 mV
higher than that of the standard hydrogen electrode (SHE, VSHE) at 25 ◦C [17]. The specimens were all
mechanically polished using 1200 SiC grit paper. Test solutions were prepared from reagent-grade
sulfuric acid (H2SO4) and sodium chloride (NaCl) that were dissolved in distilled water, and the
concentrations of these two solutions were fixed at 1 M. To eliminate any effect of dissolved oxygen,
the solutions were deaerated by bubbling nitrogen gas with a flow rate of 10 sccm/min through them
before and during the polarization experiments. The immersion time before the experiment was fixed
at 900 s for stabilizing the open circuit potential (EOC). The scanning rate was fixed at 1 mV/s, and
the scanning range was from EOC −1 V to EOC +2 V in a single pass. The polarization data were also
compared with those of commercial 304 stainless steel (304SS), and the composition of 304SS was
71.61% Fe, 18.11% Cr, 8.24% Ni, 1.12% Mn, 0.75% Si, 0.05% Co, 0.02% Mo, 0.05% C, 0.03% P, and 0.02%
S by weight.
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3. Results and Discussion

The as-cast SEM microstructures of CrFeCoNiNbx alloys are shown in Figure 1. Figure 1a shows
the microstructure of as-cast CrFeCoNi alloy. The CrFeCoNi alloy had a granular microstructure
with an average grain size of several hundred micrometers; some hcp-structured Cr-rich precipitates
in the fcc matrix were reported in our previous study [12]. However, the microstructures of as-cast
CrFeCoNiNbx alloys became a dendritic microstructure after adding niobium. The dendrites were
a single phase, and the interdendrites showed a eutectic structure. The dendrites of these alloys
had different morphologies after etching. The dendrites of CrFeCoNiNb0.2 and CrFeCoNiNb0.4

alloys had significant imprints after etching, as shown in Figure 1b,c, but those of CrFeCoNiNb0.6

and CrFeCoNiNb alloys exhibited almost smooth surfaces after etching, as shown in Figure 1d,e.
These differences were caused by the different phases of the dendrites in these alloys. The dendrites of
CrFeCoNiNb0.2 and CrFeCoNiNb0.4 alloys were an fcc phase, and the dendrites of CrFeCoNiNb0.6

and CrFeCoNiNb alloys were a Laves phase (hcp structure). The interdendrites of CrFeCoNiNbx

alloys had two major phases which were fcc and hcp phases (Laves phase). These were identified and
described below.

  
(a) (b) 

  
(c) (d) 

 
(e) 

Figure 1. The SEM microstructures of as-cast CrFeCoNiNbx alloys, (a) CrFeCoNi; (b) CrFeCoNiNb0.2;
(c) CrFeCoNiNb0.4; (d) CrFeCoNiNb0.6; and (e) CrFeCoNiNb alloys.
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Figure 2 shows the XRD patterns of CrFeCoNiNbx alloys. There are two phases which existed
in the CrFeCoNiNbx alloys, which are fcc and Laves phases. The intensities of Laves phases in the
CrFeCoNiNbx alloys increase with increasing Nb-content. Table 2 lists the lattice constants of fcc
and Laves phases analyzed from the XRD patterns. The lattice constants of fcc and Laves phases
increased with increasing Nb-content in the CrFeCoNiNbx alloys. This result was caused by the larger
atomic radius of niobium. The atomic radiuses of Cr, Fe, Co, Ni, and Nb are 0.128, 0.124, 0.125, 0.125,
and 0.143 nm, respectively [18]. The radiuses of Cr, Fe, Co, and Ni are very close, but niobium has a
much larger atomic radius. Therefore, the lattice constants of fcc and Laves phases increased when the
solid-solution amount of Nb-content increased in these alloys.

Figure 2. XRD patterns of CrFeCoNiNbx alloys.

Table 2. Lattice constants of fcc and Laves phases in as-cast CrFeCoNiNbx alloys.

Alloys fcc (Å) Laves Phase (hcp) (Å)

CrFeCoNi 3.577 N/A
CrFeCoNiNb0.2 3.578 a = 4.773; c = 7.818
CrFeCoNiNb0.4 3.581 a = 4.773; c = 7.831
CrFeCoNiNb0.6 3.590 a = 4.798; c = 7.841

CrFeCoNiNb 3.590 a = 4.802; c = 7.848

Figure 3 shows the TEM bright field (BF) images to examine the phases of the CrFrCoNiNbx

alloys, and the inserts are their corresponding select area diffraction patterns (SADs). Figure 3a is an
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image of the dendrite of CrFrCoNiNb0.4 alloy. The corresponding SAD proves that the dendrite is an
fcc phase. Figure 3b is an image of the interdendrite of CrFrCoNiNb0.4 alloy, and the corresponding
SAD was taken from the Laves phase in the interdendrite. Figure 3c is an image of the dendrite of
CrFrCoNiNb0.6 alloy. The corresponding SAD proves that the dendrite is a Laves phase (hcp structure).
Figure 3d shows the image of the interdendrite of CrFrCoNiNb0.6 alloy, and the corresponding SAD
was taken from the fcc phase in the interdendrite of CrFrCoNiNb0.6 alloy. Therefore, Figure 3 indicates
that the CrFeCoNiNb0.4 alloy is a hypoeutectic alloy and that the dendrites of this alloy are an fcc phase;
the CrFeCoNiNb0.6 alloy is a hypereutectic alloy, and the dendrites of the alloy are the Laves phase.
In all of these alloys, the interdendrites are a dual-phased (fcc and Laves phase) eutectic structure.
Chanda and Das [14] also pointed out that the Nb-content of eutectic CrFeCoNiNbx alloy should be
located between 0.5 and 0.55.

  

(a) (b) 

  
(c) (d) 

Figure 3. TEM bright field (BF) images and the corresponding selection area diffraction patterns
(SAD) of CrFeCoNiNbx alloys: (a) the dendrite of CrFeCoNiNb0.4 alloy, and the corresponding SAD
taken from [001] of fcc phase; (b) the Laves phase in the interdendrite of CrFeCoNiNb0.4 alloy, and
the corresponding SAD taken from [2423] of Laves phase; (c) the Laves phase in the dendrite of
CrFeCoNiNb0.6 alloy, and the corresponding SAD taken from [0110] of Laves phase; and (d) the fcc
phase in the interdendrite of CrFeCoNiNb0.6 alloy, and the corresponding SAD taken from [011] of
fcc phase.

Table 3 lists the chemical compositions of the CrFeCoNiNbx alloys which were analyzed by
SEM/EDS. The fcc phase had higher Cr-, Fe-, Co-, and Ni-contents, but less Nb-content than the average
compositions of the alloys. On the contrary, the Laves phase of CrFeCoNiNbx alloys had higher
Nb-content and less Cr-, Fe-, Co-, and Ni-contents than the average.

43



Materials 2019, 12, 3716

Table 3. Chemical compositions of the CrFeCoNiNbx alloys analyzed by SEM/EDS.

Alloys
Compositions (Atomic Percent)

Cr Fe Co Ni Nb

CrFeCoNi
Overall 23.1 24.8 26.1 26.0 N/A

Cr-rich precipitate 53.8 16.1 15.9 14.2 N/A

CrFeCoNiNb0.2
Overall 23.4 23.5 23.3 22.3 7.4

fcc 24.2 26.5 24.3 23.2 1.8
hcp 19.4 18.2 23.1 21.2 18.1

CrFeCoNiNb0.4
Overall 22.7 21.6 22.3 21.6 11.8

fcc 25.2 24.3 22.2 24.9 3.5
hcp 21.3 19.3 19.8 19.1 20.5

CrFeCoNiNb0.6
Overall 21.4 20.6 21.5 19.3 17.2

fcc 25.1 24.4 21.8 23.0 5.7
hcp 16.5 18.4 22.3 15.9 26.9

CrFeCoNiNb
Overall 19.8 19.8 19.0 19.4 22.0

fcc 26.7 24.3 18.4 25.5 5.1
hcp 17.1 18.1 19.7 14.8 30.3

precipitate 16.7 16.7 19.1 15.7 31.8

Figure 4 plots the overall hardness of CrFeCoNiNbx alloys as a function of x-ratio. The hardness
of CrFeCoNiNbx alloys almost linearly increases with increasing Nb-content. The two phases, fcc and
Laves phases, in these CrFeCoNiNbx alloys were two solid-solution phases, because no superlattice
peak was observed from the XRD patterns and no superlattice spot was found from the TEM SADs
of the CrFeCoNiNbx alloys. Therefore, the effect of solid-solution strengthening was caused by the
larger-radius element Nb in the fcc and Laves phases.

Figure 4. Plot of the overall hardness of CrFeCoNiNbx alloys as a function of x-ratio.
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The polarization curves of CrFeCoNiNbx alloys and 304SS in 1 M deaerated H2SO4 solution are
shown in Figure 5, and Table 4 lists the polarization data of the alloys. The values of free corrosion
potential (Ecorr) of these alloys are close. Increasing the Nb-content of CrFeCoNiNbx alloys resulted in
slightly increasing the Ecorr of the alloys. The free corrosion current density (icorr) varied randomly
in these alloys, because the microstructures and the fractions of the phases in the alloys changed
significantly. The CrFeCoNiNb0.6 alloy had the lowest icorr among these alloys. In addition, increasing
the Nb-content of CrFeCoNiNbx alloys resulted in decreasing the anodic peaks of these alloys. The 304
stainless steel had the largest anodic peak among these alloys, and the CrFeCoNiNb alloy had the
smallest anodic peak. The largest current density (icrit) and the potential (Epp) of the anodic peak of
each alloy are listed in Table 4. Therefore, the CrFeCoNiNb alloy entered the passivation region more
easily than the other alloy in this solution. Moreover, adding Nb could stabilize the passivation region
of CrFeCoNiNbx alloys. The passivation regions of these alloys broke down at potentials of about 1.2
VSHE because of an oxygen evolution reaction [19]. All of the passivation regions of CrFeCoNiNbx

alloys were broader than that of 304SS.

Figure 5. Polarization curves of CrFeCoNiNbx alloys and 304SS in 1 M deaerated H2SO4 solution at 30 ◦C.

Table 4. Polarization data of the alloys in 1 M deaerated H2SO4 solution at 30 ◦C.

Alloys Ecorr (VSHE) icorr (A/cm2) Epp (VSHE) icrit (A/cm2)

CrFeCoNi −0.086 35.1 0.014 120
CrFeCoNiNb0.2 −0.084 15.8 0.082 47.1
CrFeCoNiNb0.4 −0.082 52.1 0.183 64.4
CrFeCoNiNb0.6 −0.078 10.1 0.122 41.9

CrFeCoNiNb −0.068 22.3 0.132 28.0
304SS −0.101 30.0 0.082 930

The morphologies of CrFeCoNiNbx alloys after polarization tests in 1 M deaerated H2SO4

solution at 30 ◦C are shown in Figure 6. The morphology of CrFeCoNi alloy indicated that it was
uniformly and slightly corroded after the polarization test, as shown in Figure 6a. Figure 6b shows
the micrograph of CrFeCoNiNb0.2 alloy after the test. The fcc-dendrites of CrFeCoNiNb0.2 alloy
were concave, which meant that the dendrites were more severely corroded than the interdendrites.
This implied that the fcc phase was more active than the hcp phase; the fcc phase thus preferred to be
corroded more than the Laves phase. Figure 6c clearly indicates this phenomenon: The fcc dendrites of
CrFeCoNiNb0.4 alloy were more severely corroded and almost vanished. However, the dendrites of
CrFeCoNiNb0.6 alloy changed to the Laves phase, and the dendrites almost kept their original shapes;
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the matrix of interdendrites (fcc phase) was corroded after the polarization test, as shown in Figure 6d.
The CrFeCoNiNb alloy also had a similar result, shown in Figure 6e.

  
(a) (b) 

  
(c) (d) 

 
(e) 

Figure 6. SEM micrographs of the alloys after polarization test in 1 M deaerated H2SO4 solution at 30 ◦C
(a) CrFeCoNi; (b) CrFeCoNiNb0.2; (c) CrFeCoNiNb0.4; (d) CrFeCoNiNb0.6; and (e) CrFeCoNiNb alloys.

The polarization curves of CrFeCoNiNbx alloys and 304SS in 1 M deaerated NaCl solution
are shown in Figure 7, and Table 5 lists the polarization data of the alloys. The values of Ecorr of
CrFeCoNiNbx alloys were very close; they are nobler than that of 304SS, but more active than that
of CrFeCoNi alloy. The values of icorr of CrFeCoNiNbx alloys were all higher than that of CrFeCoNi
alloy. The icorr of CrFeCoNiNb0.6 alloy had the highest value. The CrFeCoNiNb0.2 and CrFeCoNiNb
alloys had smaller icorr, and their values were almost the same as that of 304SS. The primary anodic
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peak of CrFeCoNi alloy was significant, but increasing the Nb-content of CrFeCoNiNbx alloys would
diminish the anodic peaks of these alloys. Therefore, the CrFeCoNiNb alloy had no anodic peak.
Moreover, adding Nb could expand the passivation regions of CrFeCoNiNbx alloys.

Figure 7. Polarization curves of CrFeCoNiNbx alloys and 304SS in 1 M deaerated NaCl solution at 30 ◦C.

Table 5. Polarization data of the alloys in 1 M deaerated NaCl solution at 30 ◦C.

Alloys Ecorr (VSHE) icorr (μA/cm2) Epp (VSHE) icrit (μA/cm2)

CrFeCoNi −0.081 0.28 0.049 17.3
CrFeCoNiNb0.2 −0.192 12.3 −0.086 33.2
CrFeCoNiNb0.4 −0.207 21.1 −0.006 58.1
CrFeCoNiNb0.6 −0.212 72.5 0.152 46.7

CrFeCoNiNb −0.221 12.0 N/A N/A
304SS −0.638 12.9 N/A N/A

The morphologies of CrFeCoNiNbx alloys after polarization tests in 1 M deaerated NaCl solution
at 30 ◦C are shown in Figure 8. The micrograph of CrFeCoNi alloy after the polarization test indicated
that it was only slightly corroded, as shown in Figure 8a. However, the fcc dendrites of CrFeCoNiNb0.2

and CrFeCoNiNb0.4 alloys were severely corroded after the tests, as shown in Figure 8b,c. The dendrites
(Laves phase) of CrFeCoNiNb0.6 and CrFeCoNiNb alloys almost kept their original shapes, but the
matrices of the interdendrites (fcc phase) were corroded after the tests, shown in Figure 8d,e. Therefore,
the fcc phase was more active than the Laves phase in the CrFeCoNiNbx alloys, and the fcc phase thus
preferred to corrode more than Laves phase in 1 M deaerated H2SO4 and 1 M deaerated NaCl solutions.
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Figure 8. SEM micrographs of the alloys after polarization tests in 1 M deaerated NaCl solution at 30 ◦C
(a) CrFeCoNi; (b) CrFeCoNiNb0.2; (c) CrFeCoNiNb0.4; (d) CrFeCoNiNb0.6; and (e) CrFeCoNiNb alloys.

4. Conclusions

1. The CrFeCoNi alloy had an fcc granular structure. The microstructures became dual-phased
dendritic microstructures after adding niobium. The CrFeCoNiNb0.2 and CrFeCoNiNb0.4 alloys
were hypereutectic alloys; their dendrites were fcc phases, and the interdendrites were eutectic
structures of fcc and Laves phases (hcp). The CrFeCoNiNb0.6 and CrFeCoNiNb alloys were
hypoeutectic alloys; their dendrites were a Laves phase, and the interdendrites were still eutectic
structures of fcc and Laves phases.

2. The lattice constants of fcc and Laves phases in these CrFeCoNiNbx alloys increased with
increasing Nb-content due to solid-solution strengthening. Increasing Nb-content also resulted

48



Materials 2019, 12, 3716

in increasing the hardness of CrFeCoNiNbx alloys. The hardness increased from HV144 of
CrFeCoNi alloy to HV652 of CrFeCoNiNb alloy.

3. The corrosion resistance of CrFeCoNiNbx alloys slightly decreased after adding niobium because
of their dual-phased dendritic microstructures. In addition, adding niobium into CrFeCoNiNbx

alloys could stabilize and expand the passivation regions of these alloys in these two solutions.
The fcc phase of each CrFeCoNiNbx alloy was more severely corroded than the Laves phase after
polarization tests in 1 M deaerated H2SO4 and 1 M deaerated NaCl solutions.

4. The CrFeCoNiNbx alloys possessed good corrosion resistance, and their hardness changed with
Nb-content. This work thus provides a method to design a CrFeCoNiNbx alloy with suitable
hardness and good corrosion resistance for different commercial applications.
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Abstract: Historically, high carbon steels have been used in mechanical applications because their high
surface hardness contributes to excellent wear performance. However, in aggressive environments,
current bearing steels exhibit insufficient corrosion resistance. Martensitic stainless steels are attractive
for bearing applications due to their high corrosion resistance and ability to be surface hardened via
carburizing heat treatments. Here three different carburizing heat treatments were applied to UNS
S42670: a high-temperature temper (HTT), a low-temperature temper (LTT), and carbo-nitriding
(CN). Magnetic force microscopy showed differences in magnetic domains between the matrix
and carbides, while scanning Kelvin probe force microscopy (SKPFM) revealed a 90–200 mV Volta
potential difference between the two phases. Corrosion progression was monitored on the nanoscale
via SKPFM and in situ atomic force microscopy (AFM), revealing different corrosion modes among
heat treatments that predicted bulk corrosion behavior in electrochemical testing. HTT outperforms
LTT and CN in wear testing and thus is recommended for non-corrosive aerospace applications,
whereas CN is recommended for corrosion-prone applications as it exhibits exceptional corrosion
resistance. The results reported here support the use of scanning probe microscopy for predicting
bulk corrosion behavior by measuring nanoscale surface differences in properties between carbides
and the surrounding matrix.

Keywords: corrosion; bearing steels; martensitic stainless steel; aerospace; atomic force
microscopy (AFM); scanning Kelvin probe microscopy (SKPFM); nanoscale; electrochemistry; wear;
Pyrowear 675/AMS 5930

1. Introduction

The performance of advanced gas turbine engines is currently limited by degradation of the
mechanical components, in particular, rolling bearing elements, such as the raceway [1]. This is
because aerospace engine bearings are subject to extreme operating conditions, including elevated
temperatures, high speeds, vibratory stresses, rolling contact fatigue, and complex lubricant and
environment interactions [2]. Accordingly, both high hardness and high toughness are critical
requirements for aerospace bearing materials, yet achieving both in a single material is challenging.
M50, a through-hardened carbon steel, was developed for aircraft engine bearing applications and has
become the standard bearing steel used in the United States due to its ability to perform well at high
temperatures while maintaining relatively high fracture toughness compared to earlier generation
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carbon steels, such as AISI 52100 (UNS G52986) [1,3,4]. In the case of sea-based or coastal aircraft
operations however, open turbine engine systems can limit the ability of ester-based lubricants to
provide wear and corrosion protection, as the surrounding environment introduces water and marine
aerosols into the engine during both storage and operation [5]. The presence of water in the lubricant
can then serve to initiate aqueous corrosion during engine cycling and downtime [5]. Consequently,
current aero-engine performance is limited by corrosion-enhanced wear of the metallic bearings and
drive components, which leads to increased maintenance and premature failure [1,6–8]. Thus, there
has been significant research effort to develop alternative bearing steels to M50 that exhibit enhanced
corrosion resistance to support increased engine performance [3,4,7–10].

Martensitic stainless steels (MSSs) were developed for use in applications where high wear
resistance and toughness is required whilst maintaining high corrosion resistance. These properties,
combined with their potential for high hardness upon heat treatment [1,11–15], have led to MSSs
being implemented in many demanding applications, including bearings, molds, nuclear reactors,
hydroelectric engines, and petrochemical steam and gas turbines and buckets [1,11–20]. To improve
surface wear resistance while maintaining the corrosion resistance of the core, MSSs can instead be
surface treated (carburized), with carbon incorporated into the sample surface at elevated temperatures
to form hard carbides with alloying elements such as chromium or vanadium [1,21–23].

Highly corrosion-resistant MSSs (e.g., Cronidur 30 or XD15NW) include additions of alloying
elements (and/or nitrogen) and can have poor adhesive and wear performance [24]. While not as
corrosion resistant, UNS S42670 or AMS 59030B (referred to herein as P675) are relatively cost-efficient
MSSs with high corrosion resistance (equivalent to 440C steel) and bulk fracture toughness (higher than
M50) [25]. P675 was specifically engineered for aerospace bearing applications in advanced gas-turbine
engines, where conventional bearing steels (e.g., M50 and 440C) are adversely affected by corrosion
in aggressive environments and/or do not have sufficient high temperature wear performance [8].
Although P675 shows improvement in corrosion resistance relative to conventional bearing steels,
higher surface hardness would lead to a longer wear lifetime in-service. Accordingly, secondary surface
processing has been targeted as a way to increase the hardness and wear resistance of P675 [7,9,10,26].
Such surface treatments impart a graded microstructure that extends ~1000 μm below the metal
surface. Optimized wear properties are obtained by balancing the surface hardness and core ductility
of composite microstructures across the gradient region. However, the increased surface hardness
typically comes at the expense of corrosion resistance, as the formation of carbides on the surface
locally depletes corrosion-resistant elements (e.g., chromium, vanadium, molybdenum) from the
surrounding matrix [7,20,22,23,27,28].

The corrosion performance of various P675 surface treatments has been previously
assessed through accelerated DC and AC electrochemical testing in aqueous solutions [7,9,10].
These investigations provided a ranking of corrosion performance, showing that the final tempering
temperature and processing atmosphere had a considerable influence on both the overall corrosion
rate and damage morphology. Compared to M50, surface hardened P675 can be significantly more
corrosion-resistant, and higher processing temperatures typically increased susceptibility to general
corrosion damage, while lower temperatures exhibited more localized corrosion relative to untreated
P675 [7]. The influence of processing on P675 wear performance for the same steels in non-corrosive
wear testing has also been reported, where higher processing temperatures (HTT) yielded longer
bearing lifetimes compared to low-temperature temper (LTT) [29,30]. However, there remains a need
for research into the interdependency between simultaneously balancing corrosion resistance and
surface hardness for bearing applications, since wear resistance (i.e., bearing performance) in corrosive
environments is ultimately limited by corrosion [11].

Investigation of surface electronic properties can provide information to aid in the prediction of
corrosion initiation sites [31]. Recently, scanning Kelvin probe force microscopy (SKPFM) has been
used to investigate the role of nano- and micro-scale surface features on corrosion behavior [19,32–42].
Additionally, magnetic force microscopy (MFM) [43–45] has been used to similarly provide insight into
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the magnetic behavior of alloy surfaces. SKPFM permits measurement with nanoscale resolution of
Volta potential differences (VPDs), which are related to the electronic work function (EWF), while MFM
provides information regarding the magnitude and orientation of the magnetic moments of surface
domains. Likewise, in situ atomic force microscopy (AFM) has been used to monitor morphological
changes during corrosion in electrolyte solution and link them to the electrochemical behavior of the
material [19,46–49]. The current work presents the first application of such techniques to investigate
corrosion behavior of MSS P675 with various surface treatments. Since corrosion is the most common
precursor to wear damage during aero-engine operation [8], the time to onset and rate of corrosion
can directly control maintenance requirements and operational costs. Initiation and propagation are
critical considerations because they determine both wear behavior as well as the lifetime of the part
or engine [8,50,51]. The focus of this study is to understand the effects of heat treatment processing
parameters on corrosion evolution in P675 by utilizing a combination of scanning probe microscopy
(SPM) techniques and accelerated corrosion testing, thereby linking surface microstructural differences
(on the nanoscale) with observed macroscale surface corrosion behavior and wear performance.

2. Materials and Methods

2.1. Materials

The nominal bulk composition of P675 (UNS S42670, the MSS studied here) prior to heat treatment
is shown in Table 1 [29]. To increase surface hardness, P675 samples were carburized, followed by
quenching and tempering, to harden the outer layer or case. Samples were cylindrical (9.5 mm
diameter × 12 mm height) with post-treatment case depths of 750–1250 μm radially inward [9].
Samples differed in the final tempering temperature and carburization atmosphere: high-temperature
tempering (HTT) at 496 ◦C, low-temperature tempering (LTT) at 315 ◦C, and carbo-nitrided (CN)
where the case was obtained through a carburizing cycle followed by nitriding cycle during heat
treating. Further details on the processing routes are discussed in previous works [9,10,29,30]. Prior to
SPM characterization, samples were mechanically ground with SiC paper (to 2000 grit) in deionized
(DI) water, followed by sequential polishing to 0.02 μm with a colloidal silica aqueous slurry. After
polishing, samples were rinsed with ethanol and sonicated for 1 min in ethanol to remove any
polishing residue.

Table 1. Nominal composition (wt.%) of P675 alloy (remainder is Fe). Adapted from Trivedi, et al. [29].

Steel C Mn Cr Mo Si Ni S V Co

P675 (AMS 5930B) 0.07 0.75 13 2 0.4 2.5 0.010 0.6 6.5

2.2. Electron Microscopy

A field emission scanning electron microscope (SEM, FEI Teneo, Hillsboro, USA) coupled to
an energy-dispersive X-ray spectrometer (EDS, 80 mm2 Energy+, Oxford Instruments, Abingdon,
UK) was utilized to characterize the surface microstructure and corrosion morphology of all samples,
as well as construct elemental composition maps of the heat-treated surfaces. SEM analyses were
conducted in both secondary electron (SE) and backscattered electron (BSE) imaging modes using
10–20 keV accelerating voltages.

2.3. Scanning Probe Microscopy

2.3.1. Ex situ Scanning Probe Microscopy (SPM)

Ex situ AFM, MFM, and SKPFM were performed under an inert argon atmosphere containing
<0.1 ppm H2O and O2 using a Bruker Dimension Icon AFM housed in an MBraun glovebox (MBraun,
Stratham, USA). Prior to imaging, previously polished and sonicated samples were cleaned with
HPLC/spectrophotometric grade ethanol (Sigma-Aldrich, 200 proof, St. Louis, USA) using lint-free

53



Materials 2019, 12, 940

wipes (Kimtech). Following ethanol cleaning, compressed ultra-high purity nitrogen gas (Norco UHP,
99.999%) was used to dry the surface of the steel and remove any remaining surface particulates before
introducing the samples into the glovebox antechamber.

Both MFM and SKPFM were performed using a dual-pass lift mode implementation in which
the first pass over each scan line acquires surface topography. Upon completing the first pass, the
probe then lifts off the surface to a user-defined height above the surface. This height (i.e., tip-sample
separation, 100 nm in this study) remains constant throughout the second pass as the electromagnetic
property of interest (i.e., Volta potential difference in the case of SKPFM or magnetic moment in the
case of MFM) is measured. Surface topography was mapped using either intermittent contact (tapping)
mode in the case of MFM imaging or PeakForce tapping mode (Bruker Nano, Santa Barbara, USA),
which employs rapid force curve acquisition with a user-defined force setpoint (typically 2 nN here), in
the case of AFM and SKPFM. In MFM, the magnetic force gradient between a magnetized Co-Cr coated
AFM probe (Bruker MESP, k = 2.8 N/m, f0 = 75 kHz, μ = 1 × 10−13 EMU, where 1 EMU = 1 erg G−1) and
the surface of the material was observed during the lift mode pass. For consistency, all MFM imaging
reported herein was performed with the same MESP probe, which was magnetized immediately prior
to imaging with its magnetic axis perpendicular to the sample surface. In SKPFM, the Volta potential
difference (VPD) between a conductive probe (Bruker PFQNE-AL, k = 0.8 N/m, f0 = 300 kHz) and the
surface was quantified by application of a DC bias to null the tip-sample electric force gradient arising
from the difference in Volta potential between the probe and sample surface. VPD maps were acquired
utilizing frequency modulation SKPFM [31], as described in detail elsewhere [37,38]. These VPD maps
were used to predict the corrosion behavior of the samples by suggesting the cathodic and anodic sites
and the relative driving force for galvanic corrosion.

SKPFM was also used to observe corrosion initiation and propagation mechanisms by carrying
out intermittent imaging at well-defined intervals throughout the corrosion process. While all such
imaging was carried out within the controlled environment (<0.1 ppm H2O and O2) of the argon-filled
glovebox, corrosion was initiated and allowed to proceed outside the glovebox, where samples were
sequentially soaked for prescribed amounts of time in a 1 M NaCl solution prepared from reagent
grade NaCl (Sigma Aldrich, St. Louis, USA) and deionized (DI) water. After each time increment,
samples were rinsed with DI water to remove any adhered salt, dried with UHP nitrogen, and cleaned
with ultrapure ethanol using lint-free wipes. The samples were then reintroduced into the glovebox
and imaged via dual-pass SKPFM. Repeated nanoscale imaging at specific recurrent locations with
micron-scale positional accuracy was made possible by fiduciary marks created with a diamond tip
indenter. Testing and imaging were performed ~500 μm away from the fiduciary mark to ensure
results obtained were not influenced by the indent.

2.3.2. In Situ SPM

To capture images of corrosion initiation and propagation in real time, in situ PeakForce tapping
(topographical) AFM was also performed. In contrast to the ex situ (i.e., glovebox) SPM imaging,
samples for in situ AFM imaging were mounted in a fluid cell and immersed in a 0.1 M NaCl
solution under ambient atmosphere. The NaCl concentration was chosen such that it would initiate
corrosion on samples at an appropriate timescale to reveal changes in topography concurrent with
corrosion propagation and progression. Silicon nitride probes with a nominal tip radius of 20 nm
(Bruker ScanAsyst-Fluid, k = 0.7 N/m, f0 = 150 kHz) were used for repetitive imaging (0.5 Hz scan
rate) of 10 × 10 μm2 areas at 512 × 512 pixel resolution, corresponding to a refresh rate of ~8.5 min to
capture each image. Due to differences in time between initial immersion of each sample and the initial
image capturing (driven by optimization of imaging parameters), the specific timing of subsequent
images is not exact between samples. The total amount of time each sample had been exposed to the
corrosive salt solution was documented at both the start and end of captured images.
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2.3.3. Image Processing

SPM image processing and quantitative analysis were conducted using NanoScope Analysis 1.90
(Bruker). All topographical images were processed with a first order flatten filter to remove sample
tip and tilt as well as any individual line-to-line offsets. The images for HTT at 116 and 135 min
required a 2nd order flatten procedure to account for the deposited debris. To quantify the findings
from SKPFM mapping, a threshold technique was implemented (see example image in Figure 1 below)
that utilized a user-determined cut-off potential based on the distribution of Volta potentials observed
in the corresponding data histogram (512 bins). From the resulting thresholded data, the average Volta
potential (with corresponding standard deviation) was calculated for each of the two phases present
on the surface (i.e., matrix and carbides, identities confirmed through SEM/EDS characterization) [52].
Figure 1a shows a representative SKPFM Volta potential map for HTT P675. Figure 1b shows the
matrix in dark brown with the carbides (data in blue) excluded, while the light brown areas visible
in Figure 1c correspond to the carbides (with the matrix excluded and indicated by the dark blue
areas). Using this method, an average VPD between the matrix and carbides was calculated for each
SKPFM image.

 
(a) (b) (c) 

Figure 1. Representative 10 × 10 μm2 scanning Kelvin probe microscopy (SKPFM) images of P675-
high-temperature temper (HTT). Dark brown corresponds to the softer matrix phase, which is lower
in height following polishing than the harder, lighter brown carbides. Images show (a) the original
Volta potential image (600 mV full-scale range) and subsequent implementation of thresholding cutoffs
(blue) to calculate average Volta potential differences (VPDs) for the (b) matrix and (c) carbides.

2.4. Electrochemical Corrosion Testing

Electrochemical cyclic polarization testing was used to characterize corrosion behavior for each
type of heat-treated steel. Sample preparation details can be found in a previous publication, thus the
sample testing area was defined by masking off the sample such that only a circular area (diameter
~6.6 mm) test area was in contact with the electrolyte solution [7]. Testing was conducted in 0.01 M
NaCl electrolyte solution with a potentiostat (SP-300, Bio-Logic, Seyssinet-Pariset, France) used to
control and monitor a three-electrode system in a modified flat cell. A saturated calomel electrode
(SCE) served as the reference electrode and a platinum mesh as the counter electrode. Following
sample immersion, open circuit potential (OCP) was monitored for 30 min. The sample was then
polarized at a scan rate of 0.5 mV/s from 100 mV below OCP to 600 mV above OCP or when pitting
had stabilized, followed by a reverse scan back to OCP.

3. Results

3.1. Surface Composition

The carburizing and carbo-nitriding heat treatment processes performed on MSS P675 resulted
in the development of well distributed metal-carbon precipitates (carbides) ranging in size from
approximately 10 nm to 2 μm in diameter (Figure 2a), surrounded by the martensitic matrix at the
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sample surface. In addition to the surface, the carbides are present diminishingly, approximately
1000 μm radially inward into each of the samples (data not shown). Sample surfaces were analyzed
via EDS (Figure 2b) to resolve carbide chemistry and determine alloying elements that segregated
from the matrix to form these carbides during heat treatment. Carbides resulting from all three
surface treatments were found to be predominantly carbon- and chromium-rich with lesser amounts
of vanadium, molybdenum and/or manganese, while the surrounding matrix showed primarily
iron, cobalt, and nickel. In previous work done on P675, X-ray diffraction (XRD) and electron
beam backscattered diffraction (EBSD) determined M7C3 (orthorhombic) and M23C6 (face-centered
cubic) to be the primary carbides formed in P675 (M represents the metal in the carbide), with
M23C6 precipitating after M7C3, and chromium being the primary metal constituent present in the
carbides [27,53]. HTT contains a greater population of M23C6 carbides than LTT and CN due to its
higher tempering temperature (i.e., increased kinetics). By stoichiometry, the HTT carbides contain
more chromium than the carbides of the other two surface treated steels despite all having the same
bulk composition before heat treating. The large amount of chromium present in the bulk (pre-heat
treatment) P675 alloy (Table 1), coupled with the presence of molybdenum, should yield a magnetic
MSS [54–56]. However, EDS analysis (Figure 2a,b), performed on the bulk surface of each steel,
showed that the chromium and molybdenum primarily segregated within the carbides following heat
treatment (thereby increasing the likelihood of magnetic carbides). EDS was performed on the bulk
steel and not on the individual carbides due to inconsistent results obtained since large interaction
volumes (by the EDS) penetrated both the carbide and surrounding matrix. In contrast, nickel, in the
presence of iron and carbon acts as an austenite stabilizer and thus promotes a non-magnetic austenitic
(fcc) structure [57]. MFM was therefore utilized to observe how the secondary processing performed
on these steels affected the magnetic properties of the surface.

 

(a) 

 
(b) 

Figure 2. (a) Grayscale backscattered electron (BSE) images (left column) of the three different P675
surface-treated samples (carbides appear darker than surrounding matrix) with corresponding colored
energy-dispersive X-ray spectrometer (EDS) compositional maps highlighting the principal components
of the carbides (middle columns) and bulk matrix (right columns) for the HTT, low-temperature
tempered (LTT), and carbo-nitrided (CN) samples (images for each row share the same micron
bar). (b) Elemental composition in wt.% (determined via EDS) for the surface of each steel (not
individual carbides).
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3.2. Scanning Probe Microscopy

3.2.1. Magnetic Force Microscopy (MFM)

MFM was utilized to map variations in the magnetic moment projections (surface normal
direction) on the surface of the steels (Figure 3). In Figure 3, purple regions are identified as carbides
since these coincide with regions that are raised in topography and visually similar to carbides
seen in SEM/EDS analysis (see Figure 2). Topographical relief of the carbides was expected due to
differential polishing rates during sample prep, resulting in the harder carbides slightly protruding
above the surrounding matrix. MFM results indicated that the carbides and the matrix both exhibit
out-of-plane magnetic domains (i.e., positive magnetic direction, non-parallel to surface), but with
varying magnitude, carbides being noticeably larger than the matrix as expected from the enhanced
chromium concentration (see Figure 2). Within the matrix, nanoscale variations in magnetic domain
were also evident. In HTT these were larger and more elongated those on either HTT or CN. CN had
the finest distribution of different magnetic domain regions able to be resolved within the matrix.

 
Figure 3. 3D magnetic response maps with changes in height representative of differences in magnetism.
Color scale ranges are 7 degrees (0◦ = yellow, +7◦ = blue) for magnetic response.

3.2.2. Inert Environment Scanning Kelvin Probe Microscopy (SKPFM)

Freshly polished, cleaned, and dried samples underwent ex situ SPM imaging in an inert
atmosphere glovebox. Images were acquired using sequentially larger scan areas of 10 × 10 μm2,
20 × 20 μm2, and 90 × 90 μm2, with contrast between carbides and the surrounding matrix observed
in both Volta potential and topography (Figure 4). Numerical VPD results were calculated per the
method described earlier and compiled for comparison (see Figure 5, error bars are indicative of one
standard deviation). The measured VPD of the carbides ranged from 60 to 200 mV greater than the
steel matrix, depending on the scan size analyzed, with HTT possessing the highest difference and
CN the lowest. The relative magnitudes of the carbide-matrix VPDs remained consistent regardless of
scan size, suggesting even the smallest imaging areas chosen (10 × 10 μm2) were large enough to be
representative of the sample while also providing the highest spatial resolution of VPD variations.
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Figure 4. High-resolution atomic force microscopy (AFM) topography (dark brown to white color
scale, 100 nm full scale) and SKPFM Volta potential (green to pink color scale, 600 mV full scale) images
over different size scan areas showing the different sizes and shapes of carbides distributed throughout
the three sample types.

x 

x 

x 

Figure 5. Plot of measured VPDs (with standard deviation error bars) of carbide precipitates versus
the surrounding matrix for the three P675 surface-treated steels as a function of scan area.

3.2.3. Intermittent SKPFM

Intermittent ex situ SKPFM was performed to track the evolution of the surfaces resulting from
sequential sustained exposure to corrosive conditions. Samples were placed in a corrosive salt solution
and the VPD maps were obtained at intervals of 0, 1, 2, 10, and 15 cumulative minutes of exposure
to 1 M NaCl solution (Figure 6). Qualitative differences in both appearance (surface topography
and morphology) and carbide-matrix VPD over time were observed for the steels. The HTT sample
showed the formation of particulates on the surface and degraded uniformly with time, leading to
a progressively lower variation in surface VPD. In contrast, the CN sample showed little change in
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VPD or topography on the surface, indicating corrosion reaction kinetics were much slower despite
the distinct VPD contrast between the carbides and matrix. LTT exhibited behavior somewhere in
between the other two steels. Initially, salt deposits on the LTT surface obscured the steel topography
and VPD variations. However, with increasing time LTT appeared similar to CN, as evidenced by the
relatively large contrast in topography and VPD apparent by the 15 min mark (see Figure 6).

Figure 6. SKPFM Volta potential maps (green to pink color scale, 400 mV full scale) overlaid on the
evolving 3D topography (30 nm full scale) of the three heat-treated MSSs as a function of immersion
time in 1 M NaCl solution.

Figure 7 presents VPD maps (left column) and plots of Volta potential versus location (middle and
right columns) for cross sections of different carbide/matrix interfaces as a function of exposure
time. As can be seen in the top row of Figure 7, the VPD between the HTT carbides and the
surrounding matrix decreased with exposure time, while the VPDs of the LTT (Figure 7(b1,b2))
and CN (Figure 7(c1,c2)) carbides remained relatively constant throughout testing. For HTT, corrosion
proceeded simultaneously both along grain and carbide boundaries as well as within the matrix.
Corrosion products evolved and settled on both the matrix and surface carbides, where cathodic
activity was supporting anodic dissolution of the matrix. With this production and deposition of
corrosion products, the VPD between carbides with a native oxide and matrix decreased on the HTT
surface until there was very little difference observed between the two, as seen in Figure 7(a1,a2).
Conversely, the LTT and CN samples underwent typical localized corrosion (see Figure 6), wherein
highly localized attack adjacent to grain boundaries/carbides was seen, as evidenced by particulates
settling on or near the carbide-matrix interface. As time in solution progressed, the VPD between the
carbides and steel matrix remained essentially unchanged throughout the duration of testing, with
matrix attack relatively shallow. Therefore, there are notable differences in the initiation of corrosion
mechanisms between different heat treated samples.
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Figure 7. SKPFM Volta potential maps ((a,b,c) 600 mV full scale, exposure time given below each
image) for each of the three heat-treated MSSs with time-dependent Volta potential profiles (a1–c2)
across two representative carbides plotted as a function of duration of exposure to 1 M NaCl solution.
The location of the carbide represented by each profile is indicated by the corresponding dotted box in
the exemplary SKPFM maps at left.

3.2.4. In Situ Atomic Force Microscopy (AFM)

To observe the progression of corrosion in real time while samples were immersed in 0.1 M NaCl
solution, in situ AFM was employed to monitor topographical changes over time. Figure 8 shows the
results for the three heat-treated P675 steels with no applied bias voltage. (Variations in exposure time
across samples are due to differences in corrosion rate and the time necessary to implement optimized
imaging parameters.) For HTT, corrosion activity rapidly progressed and large surface deposits
(~1–2 μm wide) appeared on the surface after ~107 min (Figure 8). EDS analysis indicated these large
features to be iron-rich corrosion products with NaCl (analysis not shown). Despite the deposited
particles, distinct localized corrosion was not seen on the HTT sample. As testing progressed, corrosion
reactions proceeded, depositing corrosion product particulates on the surface (see Figure 8–HTT 116 &
134 min). In comparison, highly localized corrosion was evident at the carbide-matrix interfaces in
both the CN and LTT samples. CN showed the greatest segregation of corrosion between matrix attack
and the unaffected carbides, as indicated by near complete but shallow etching attack along carbide
boundaries (Figure 8). LTT appeared to behave somewhere in the middle of these two extremes, with
particle build-up similar to HTT seen initially, but eventually, these particles cleared to reveal evidence
of localized corrosion propagation in the matrix adjacent to some of the carbides, similar to CN.
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Figure 8. Time-lapse in situ AFM topography maps (160 nm full scale) for each of the heat-treated
MSSs in 0.1 M NaCl solution, with approximate exposure time at the end of each scan indicated below
the corresponding map (image time was ~8.5 min).

Time-dependent line profile analysis of selected carbide particles was conducted on each of the
samples (Figure 9), confirming the qualitative observations arising from the images presented in
Figure 8. HTT showed an increase in surface contrast of the carbides, up to 50 nm, with corresponding
slight, uniform changes in the height of the surrounding matrix. For LTT, height changes across the
carbide/matrix interface initially (44 min) showed ~100 nm deep attack immediately adjacent to the
carbides (Figure 9). Then at longer times (112 min), the height of the carbides increased, accompanied
by shallower apparent depth of attack in the adjacent matrix area. These changes are likely associated
with the production and deposition of insoluble corrosion products. CN exhibited the sharpest contrast
in topography by the end of exposure to salt solution, with the carbide surface height increasing by
~25 nm relative to the adjacent bulk matrix, with matrix attack limited to ~75 nm deep and only
extending approximately 0.5 μm away from the carbide interface. The depth of attack also decreased
from 103 min to 112 min, indicating slight corrosion product deposition within the highly localized
area of matrix attack.
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Figure 9. Topography maps ((a,b,c), 160 nm full scale, exposure time indicated below corresponding
map) for each of the three heat-treated MSSs with height profiles across selected carbide-matrix
interfaces shown as a function of exposure time to 0.1M NaCl solution (a1–c2). Location of each profile
is indicated by the corresponding box in the exemplary topography maps presented at left for each of
the three heat-treated steels.

Post-testing SEM imaging was conducted on the same sample surfaces (Figure 10) to record
surface morphological differences following the in situ AFM testing. HTT exhibited a distinctively
different surface morphology compared to LTT and CN, characterized by the presence of large, fluffy
appearing salt-laden corrosion deposits. Beneath these deposits and surrounding the carbides, the
entire matrix surface area was uniformly corroded with no indication of matrix passivity. In contrast,
both the LTT and CN carbide boundaries were attacked, with NaCl particles present along the grain
boundaries and carbide-matrix separation and subsequent grain separation (Figure 10). LTT showed
some attack along carbide boundaries as well as some generalized attack as indicated by roughening
of the entire surface due to corrosion product deposition. CN displayed much more localized attack at
the carbide boundaries than LTT (dotted oval in the right panel of Figure 10), and narrow “valleys”
on the order of ~0.5 μm wide were observed around the CN carbides, confirming observations in
Figure 8. Furthermore, unlike LTT or HTT, CN did not show evidence of adhered or deposited
corrosion products. Tracing the representative “line of attack” for the CN sample in Figure 10 reveals
a grain undergoing intergranular attack, indicative of microgalvanic corrosion between the noble
carbides and the active matrix.
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Figure 10. SE SEM images of the sample surfaces following in situ AFM testing. Red squares in the
images in the top panels indicate areas of magnified images below. Dotted red oval area in magnified
CN image indicates the “line of attack” (see discussion).

3.3. Electrochemical Corrosion Testing

To elucidate the corrosion pitting and repassivation behavior of the samples, cyclic
potentiodynamic polarization (CPP) scans were conducted on each of the samples to explore the
effects of the different heat treatments. Figure 11 shows the resultant polarization curves, along with
macro images of the sample surfaces post-electrochemical testing. Testing indicated that HTT had the
lowest OCP (−400 mV), followed by LTT (−200 mV) and CN (−80 mV), respectively. This ranking is in
agreement with previous studies that ranked corrosion resistance for these same steels (i.e., corrosion
rate determined via electrochemical methods) [7,9]. The LTT and CN samples exhibited a rapid change
in potential over a minimal increase in current density (Figure 11a, green boxed areas), indicative of
typical passive behavior. The breakdown potential of the LTT and CN samples occurred at 40 mV and
95 mV, respectively. Conversely, the HTT sample showed active corrosion behavior as demonstrated
by linear growth of the current density over the potential sweep. However, pits were initially observed
on the HTT surface (−200 mV), but did not grow and as the anodic overpotential continued to
increase. The post-corrosion images in Figure 11b show the difference in corrosion morphology for
each sample following CPP testing. For HTT, the entire test area darkened due to corrosion product
formation (Figure 11b), engulfing the initially isolated areas of pitting. Arrows in Figure 11b indicate
the four pits that first formed on the HTT sample before the entire test area underwent generalized
corrosion. As expected from previous work [7], LTT and CN showed a distinctly different morphology
of corrosion attack, with corrosion limited to only several dispersed pits on the surface of the sample.
Compared to HTT, LTT showed limited regions of depassivation emanating from corrosion pits,
evidenced by regions of minor surface darkening. In contrast, corrosion attack on CN displayed
only highly localized, isolated pits (Figure 11b) with no visual evidence of any other associated areas
of depassivation.
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(a) (b) 

Figure 11. (a) Cyclic potentiodynamic polarization (CPP) scans (0.01 M NaCl electrolyte) for all three
surface treatment samples. Passive regions for LTT and CN are indicated by green squares. (b) Images
of the samples post-testing (after the area masking tape was removed) with dotted red circles indicating
the test location on each sample surface. All samples display some isolated pitting. However, due to
the difficulty in clearly seeing the pits on the HTT sample (which, in contrast to the other samples,
underwent generalized corrosion attack), yellow arrows indicate the location of the pits present on the
HTT sample.

4. Discussion

4.1. Nanoscale Origins of Corrosion Initiation

Determining the nanoscale contributions to a material’s bulk corrosion rate is inherently difficult
due to the complexity and multitude of variables that influence its behavior in a corrosive environment.
Corrosion is a spontaneous process driven by thermodynamics [58,59]. In a microgalvanic couple, the
difference in electrode potential of the anode and cathode regions on the surface correlates with the
magnitude of negative free energy change (thermodynamic propensity) for local corrosion to occur.
SKPFM Volta potential (VPD) mapping is the highest spatial resolution method available to directly
measure the relative thermodynamic propensity for corrosion between nanoscale heterogeneities in
a material. For the MSSs considered in this study, the relatively high Cr composition of the carbides
suggests they are likely noble in comparison to the matrix based on the galvanic series [60]. Hence, a
larger VPD between carbides and the matrix will lead to a greater drive (i.e., increased microgalvanic
full-cell potential) for corrosion of the matrix. Among the steels studied, HTT consistently exhibited the
largest VPD between the carbides and the matrix (200 mV), while LTT (150 mV) and CN (90 mV) were
considerably less (Figure 5). The relative magnitudes of these VPDs can likely be attributed to carbide
chemistry, as HTT carbide composition is predominantly M(Cr)23C6 compared to predominantly
M(Cr)7C3 compounds for LTT and CN. An interesting finding of this study is that for each of the surface
treatments considered, the bulk OCP values measured inversely corresponded with the magnitude
of the VPD between the carbide and matrix phases (Figure 5). HTT had the greatest carbide/matrix
VPD and least noble OCP (−400 mV), CN had the lowest VPD and most noble OCP (−80 mV), and
LTT was intermediate with a carbide/matrix OCP of −200mV. This observation demonstrates how
local SKPFM measurements of the relative microgalvanic couple potential contribute to the bulk
OCP observed on each of the different surface-treated MSSs investigated. In addition, variations in
chromium enrichment of the carbides subsequently influenced both the VPD and degree of passivity
of the surrounding chromium-depleted matrix. The steepest VPD gradients measured were across the
carbide/matrix interface (Figure 7), and so SKPFM measurements also provided a technique to predict
and locate expected points of microgalvanic corrosion initiation on the surface.
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4.2. Corrosion Propagation

SKPFM measures VPDs on the surface, which are influenced by the presence of oxide layers.
With MSSs, passivating chromium oxide layers are readily formed and act as a kinetic barrier to
corrosion, which complicates any correlation of thermodynamic propensity derived from SKPFM
measurements. However, for the steels considered herein, since the bulk composition is the same,
data obtained from SKPFM also provided information on the spatial variations in surface properties
that influence corrosion propagation. Intermittent SKPFM testing was conducted to monitor shifts in
microgalvanic couples’ VPD over time due to corrosion activity. For HTT, the VPD between the carbides
and the matrix decreased with time (Figure 7). As a result, as the duration of corrosion propagation
increased, the VPD between carbides and the matrix approached 0 mV for HTT, resulting in a more
thermodynamically homogenous surface. In contrast, for LTT and CN, the initial VPD between the
carbides and matrix phase was smaller, but remained nearly constant throughout testing, with only
minor evidence of the corrosion activity apparent on the surface (Figures 6 and 7). This behavioral
difference can be attributed to differences in the passive oxide layer performance, and is also reflected
in the VPD measurements, which are highly influenced by the presence of surface oxides. Previous
work by Schmutz and Frankel showed similar behavior on aluminum alloys and indicates that the
shift in VPD observed on HTT following active corrosion was caused by oxide growth at cathodic sites
and the generation and deposition of corrosion products at active sites creating a more homogenous
surface [51]. For carburized MSSs, the magnitude of VPD surface variation measured by SKPFM
pre-corrosion provided an indication of the how the VPD evolved as a result of exposure to corrosion
conditions: smaller initial VPD between the carbides and matrix phase indicated more robust passivity
during corrosion, as seen in CN and LTT steels. For HTT, the higher initial VPD between the carbides
and matrix indicated a greater susceptibility to depassivation and more uniform corrosion activity
during propagation. These findings were validated with bulk electrochemical testing (Figure 11),
where CPP testing showed that LTT and CN had a more protective oxide layer as indicated by the
presence of a passive region in the CPP scan. Moreover, during intermittent SKPFM testing the VPD
on HTT evolved rapidly and HTT exhibited active corrosion behavior throughout CPP testing.

While the bulk amount of chromium present at the surface is the same for all steels considered,
the spatial distribution is different among the three surface treatments, leading to distinctly different
corrosion properties and behavior. Relative to LTT and CN, HTT tended to corrode more uniformly and
had a higher VPD between carbides and matrix. HTT was more prone to depassivation compared to
LTT despite both having identical bulk chemical composition and same carburization cycle (carburized
in single furnace load). The different carbide-matrix VPDs among the samples influences or indicates
how local solution chemistry likely evolves during active corrosion on MSSs. This suggests that for
HTT, as pitting progressed, the local solution chemistry, most likely due to higher sensitization during
tempering cycle, was sufficiently aggressive to cause widespread depassivation. Conversely, with LTT
and CN samples, the VPD between carbides was smaller and pitting was unable to transition to more
widespread corrosion, suggesting local solution chemistry evolution did not support auto-catalytic
depassivation as corrosion propagated. Here the lower VPD observed for LTT and CN indicated
the matrix phases exhibited more robust passivity than the matrix of HTT. The in situ SKPFM VPD
measurements correlate with the observed corrosion morphology of the steels. That is, the measured
carbide-matrix VPD for each steel is inversely proportional to the extent of general (uniform) corrosion
resistance of the steel. The efforts in this paper show that SKPFM is able to effectively predict bulk
corrosion behavior of different surface treatments by observing and measuring nanoscale surface VPD
differences between carbides and the underlying matrix.

4.3. SPM Characterization and Implications on Wear

MFM provides a method to characterize local variations in magnetic properties that contribute to
the bulk magnetic properties. For all steels studied, the carbides showed variable shades of purple/blue
in the MFM maps (~1–3◦ phase shift), indicating slightly different magnetic properties within the
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individual phases (Figure 3), likely due to different carbide compositions in terms of the relative
amounts of chromium and molybdenum, which influence the magnetic properties of phases [61–64].
Sample CN had a much less homogenous matrix that showed considerable variation in magnetic
properties and is likely an effect of the relatively high surface retained austenite (18–22%) found
within the matrix phases compared to LTT (10–13%) and HTT (1–2%) [9,30]. The bulk magnetism of
the steels will change with tempering temperature and heat treatment process, following changes
to the microstructural phases formed [9,30]. Further work is currently underway to investigate the
implications of local magnetism and magnetic domains on resulting wear and corrosion mechanisms.

Similarly, the ability to resolve nanoscale variations in the resistance to deformation
(elastic modulus) on a material’s surface could help improve prediction of the wear behavior.
The PeakForce tapping mode employed here measured differences in the elastic modulus distribution,
as determined via the Derjaguin-Muller-Toporov (DMT) model [65], for the carbide and the matrices
of the steels simultaneously with topography (see exemplary Figure 12). As seen in the CN image
presented in Figure 12, carbides had a higher relative modulus than the matrix, suggesting potential
sites for development of micro-cracking and fracture would likely lie at the interface between carbides
and matrix where local modulus variation was greatest. Further work is underway to determine how
these local differences in recorded modulus correlate to a material’s ability to handle loads/stress in
bearing applications.

  
(a) (b) 

Figure 12. (a) CN topography (160 nm full scale), and (b) DMT Modulus (1.5 GPa full scale). Images
are representative of 103–112 min submersion in 0.1M NaCl solution.

In service, the uniform degradation seen on HTT could be effectively monitored conventionally
via visual inspection, detection of wear debris, or thickness monitors installed on bearing raceways.
For CN and LTT, current methods of monitoring engine health are less effective since significantly
lower amounts of reaction products are generated from highly localized corrosion. Localized corrosion
may not be detected until it has led to significant wear damage. Bearing steel developers should,
therefore, be cautious with heat treatments that yield a surface similar to CN which, although highly
corrosion resistant, the passive surface will inevitably be compromised in wear applications. Small
areas of highly localized corrosion pits lead to surface crater development which can potentially lead
to highly undesirable and unpredictable failure via spalling. LTT behavior was intermediate between
the two other surface treatments, with some localized attack on grain/carbide boundaries as well as
some evidence of wider depassivation. In corrosive environments, the overall wear lifetime may be
controlled by resistance to corrosion initiation, in which case LTT and CN could provide greater benefit
than HTT. Previously conducted wear studies are in agreement with the recommendations given, and
the results of this study provide nanoscale insight to help understand why HTT outperformed both
CN and LTT during rolling contact fatigue testing even though it had significantly lower corrosion
resistance [29,30]. Based on this work, P675 HTT would be recommended over the other two tempering
procedures for use in aerospace bearings where corrosion is not a primary concern. However, when the
bearing assembly is prone to corrosion attack, HTT is not recommended due to its overall low corrosion
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resistance [7] which would lead to premature failure via degradation of the material. In this case, CN
is recommended for bearing use due to its high resistance to both corrosion onset and propagation [7].

5. Conclusions

P675 carburizable martensitic stainless steel (UNS S42670) samples were processed using
two different heat treatment methods (carburizing and carbo-nitriding (CN)) and two tempering
temperatures (HTT and LTT). Following, the research conducted in this paper highlights the viability
of SKPFM to effectively predict bulk corrosion behavior by measuring nanoscale surface differences in
VPDs between carbides and the surrounding matrix, thereby providing insight into bulk observations
by using information obtained at the nanoscale. More generally, SPM can be used to evaluate the
potential efficacy of different steels and/or surface treatments for use in corrosive environments.

• MFM imaging distinguished local differences in magnetic properties where precipitated carbides
exhibited a larger magnetic moment than the matrix, likely due to the presence of chromium
relative to the chromium-depleted matrix.

• SKPFM VPD measurements in an inert environment showed HTT as the thermodynamically
most favorable to experience microgalvanic corrosion between the chromium-rich precipitated
carbides and the surrounding martensitic matrix, with a measured carbide-matrix VPD of 200 mV,
while LTT (150 mV) and CN (90 mV) were less.

• Intermittent SKPFM showed the HTT sample behaved differently during corrosion than the LTT
and CN samples; by the end of the testing period, there was minimal VPD between the HTT
carbides and the surrounding matrix, whereas the carbides present in the LTT and CN samples
retained their relative nobility throughout testing.

• Corrosion propagation was also monitored in real time via in situ AFM and revealed that HTT
underwent the most rapid spread of corrosion attack across the sample, while LTT and CN were
less affected and showed much more localized, intergranular attack and adjacent to carbides.

• Bulk electrochemical testing results agreed with in situ AFM results, with LTT and CN showing
distinct passive regions as compared to HTT, confirming the nanoscale differences in corrosion
behavior observed between the steel heat treatments investigated.
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Abstract: To study the effect of cast defects on the corrosion behavior and mechanism of the UNS
C95810 alloy in seawater, an investigation was conducted by weight loss determination, scanning
electron microscopy (SEM), confocal laser scanning microscopy (CLSM), X-ray diffraction (XRD)
and electrochemical testing of the specimen with and without cast defects on the surface. The results
show that the corrosion rate of the alloy with cast defects is higher than that of the alloy without cast
defects, but the defects do not change the composition of the resulting corrosion products. The defects
increase the complexity of the alloy microstructure and the tendency toward galvanic corrosion,
which reduce the corrosion potential from −3.83 to −86.31 mV and increase the corrosion current
density from 0.228 to 0.23 μA·cm−2.

Keywords: nickel-aluminum bronze; cast defects; electrochemical corrosion; mechanism;
microstructure

1. Introduction

Due to its good mechanical properties, corrosion fatigue resistance, corrosion resistance
and cavitation resistance, Ni-Al bronze (NAB) has been widely used for marine components, such as
ship propellers, pumps and valves [1–3]. NAB parts used in seawater are inevitably subject to corrosion
by the seawater. To date, there are many studies on NAB corrosion behavior in seawater [1,3–8].
The results showed that an α phase corroded while a κ phase did not corrode in near-neutral seawater
and 3.5% NaCl solution [1,8,9]. Neodo et al. [7] studied the corrosion behavior of NAB in a 3.5%
NaCl solution with different pH values. It was found that the κ phase is preferentially corroded
when the pH<4 but the α phase dissolves first when the pH > 4. The results of Weill-Couly et al. [10]
showed that the corrosion resistance of NAB in seawater was related to its microstructures. The phase
transformation of a small amount of β’→ α + κ could effectively improve the corrosion resistance of
the alloy in seawater. The excellent corrosion resistance of NAB is derived from a corrosion product
film produced on the surface [4,11–14]. Schüssler et al. [4] proposed that the corrosion product film
produced on the surface of NAB contained an inner layer of Al2O3 and an outer layer of Cu2O;
furthermore, a thickness of 800–1000 nm could reduce the corrosion rate by 20–30 times. If time is
sufficient, corrosion products such as Cu2(OH)3Cl will also form on the outer layer of the film [12,13].

The as-cast NAB pieces used for ship propellers are very large, weighing as much as 200 t.
Therefore, cast defects are unavoidable. Large and concentrated defects can be repaired in various
ways to reduce the adverse effects of defects. For example, Sabbaghzadeh et al. [15] repaired NAB by
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fusion welding, and the galvanic corrosion current between the welded and the as-cast microstructures
was only a few nA. Hanke et al. [16] applied a friction surface treatment for as-cast NAB, resulting in
refinement and homogenization of the surface microstructure, which repaired cast defects. Ni et al. [17]
used friction stir processing for as-cast Ni-Al bronze and compared the weight loss of the treated NAB
and as-cast NAB in 3.5% NaCl solution. It was found that the weight loss of the treated NAB was
significantly smaller than that of as-cast NAB, improving corrosion performance. That is, welding can
improve the corrosion resistance of copper alloys with large cast defects in seawater.

However, for small and dispersed defects, they are not only unavoidable but also difficult to
repair. Therefore, NAB propellers that are put into use generally have small cast defects, and their
effect on the corrosion behavior of NAB in practical applications should be considered. Unfortunately,
there is little literature available on this issue. Therefore, the effect of small cast defects on the corrosion
behavior of the UNS C95810 alloy will be investigated in this paper by comparing the corrosion rate,
morphology, product composition and electrochemical corrosion parameter of the specimen with
and without defects.

2. Experiment

2.1. Materials and Corrosive Medium

The experimental material was UNS C95810 and its chemical composition is shown in Table 1.

Table 1. Composition of the UNS C95810.

Elements Cu Mn Fe Al Ni Zn, Sn, Pb, C, Si, P, Sb

UNS C95810 (wt.%) 79.9 1.39 4.8 9.24 4.43 Trace

The measured yield strength, tensile strength and elongation were 266 MPa, 679 MPa and 29.5%,
respectively. Specimens with and without defects were taken from a UNS C95810 on a large as-cast
sample, and they were cut out (of 10 × 10 × 10 mm3) and observed under optical microscopy to
determine whether there was a defect on the surface of each sample. For simplicity, the specimens
with and without defects are represented by S-Defect and S-Cast, respectively. To effectively control
the uncertainties of the test, artificial seawater was used as a corrosive medium, and its main chemical
composition from ASTM D1141 was listed in Table 2.

Table 2. Chemical components of artificial seawater [18].

Components NaCl MgCl2 Na2SO4 CaCl2 KCl NaHCO3 KBr H3BO3 SrCl2 NaF

Mass Concentration (g/L) 24.53 5.2 4.09 1.16 0.695 0.201 0.101 0.027 0.025 0.003

2.2. Preparation of Test Specimens

2.2.1. Specimens for Electrochemical Tests

Each of the specimens was mounted in plastic tubes by a two-component epoxy resin (WSR618,
Nantong Xingchen Synthetic Material Co., Ltd, Nantong, China) with a Cu wire welded on their back,
leaving an area of 0.38 cm2 to be in contact with the artificial seawater. The study surface of each
specimen was ground to 1000 grit by silicon carbide abrasive paper and polished. Then, the sample
was cleaned with absolute ethanol to remove organics, embedded polishing media, etc.

2.2.2. Specimens for the Corrosion Test and Microstructure Analysis

Each specimen used for the weight loss measurements, scanning electron microscopy (SEM,
Supra-55-sapphire, Carl Zeiss AG, Jena, Germany), confocal laser scanning microscopy (CLSM,
OLS4000, Olympus, Tokyo, Japan) and X-ray diffraction (XRD, D/MAX-Ultima+, Rigaku, Tokyo, Japan)
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was mounted in plastic tubes by a two-component epoxy resin, leaving an area of 1 cm2 to be in contact
with the artificial seawater. The test surface of each specimen was ground to 1000 grit by silicon carbide
abrasive paper and polished. Then, the sample was cleaned with absolute ethanol to remove organics,
embedded polishing media, etc.

2.3. Measurement and Characterization

2.3.1. Weight Loss

The specimens prepared in 2.2.2 were ultrasonically cleaned in ethanol, dried with blowing air
and weighed as m1. They were then immersed in artificial seawater. After immersion for 72 h, 168 h,
432 h, 720 h and 960 h, the specimens were removed, rinsed with deionized water, dried, and weighed
as m2. Subsequently, they were immersed in HCl solution (containing 500 mL of commercially available
32% HCl and 500 mL of deionized water) for 2 min to remove the corrosion products and weighed
as m3 after ultrasonically cleaning and drying. The weight loss of a fresh sample after immersion in
this solution for 2 min was less than 0.1 mg to ensure the base metal was not attacked vigorously by
the acid. The weight loss of the specimen and the weight of the corrosion products were noted as

m1–m3 and m2–m3, respectively. The weight loss rate = m1−m3
S·t , where S is the surface area of the sample

in contact with artificial seawater and t is the immersion time.

2.3.2. Microstructure Analysis and Corrosion Morphology Observation

The surface morphology of the specimen prepared in as described in Section 2.2.2 was observed
by SEM, and the defects and their surrounding as-cast microstructures were analyzed by an energy
dispersive spectrometer (EDS, Ultim Extreme, OXFORD Instruments, Oxford, UK) before and after
immersion in artificial seawater. After immersion for 72 h and 240 h, they were removed, rinsed
with deionized water, dried, and observed by CLSM. After immersion in artificial seawater for 720 h,
the washed and dried specimens were subjected to SEM observation and EDS analysis.

2.3.3. XRD

The specimens prepared in 2.2.2 were tested using an X-ray diffractometer (D/MAX-Ultima+,
Rigaku, Tokyo, Japan) with Co Kα radiation. The diffraction angle range was from 10◦ to 100◦.
The specimens that had been tested by XRD were immersed in artificial seawater. After immersion for
240 h and 720 h, they were removed, rinsed with deionized water, dried, and tested by XRD.

2.3.4. Electrochemical Test

Electrochemical measurements were conducted in a typical three-electrode system. The working
electrode was the surface of the specimen with an area of 0.38 cm2 prepared in 2.2.1. A platinum net
and a saturated calomel electrode served as the counter and reference electrode, respectively. The test
medium was 100 mL of artificial seawater. The polarization curves were recorded at a sweep rate
of 1 mV/s from -500 mV to 500 mV vs. the open circuit potential using an IM6ex Electrochemical
Workstation (IM6ex, ZAHNER, Kronach, Germany). The voltage perturbation was 10 mV. To avoid
any inconsistency of the experiment, two or three repeated tests were carried out for each sample.
The electrochemical corrosion parameters in this paper were then obtained by fitting a linear polarization
region of approximately 10 mV around the resting potential [19].

3. Result

3.1. Weight Loss

The test results of S-Cast and S-Defect weight loss in artificial seawater are shown in Figures 1–3.
The results show that the weight loss and film weight of S-Cast and S-Defect generally show a gradual
increase trend with corrosion time but their weight loss rates gradually decrease with corrosion time.
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Moreover, the weight loss, film weight and weight loss rate of S-Defect are larger than that of S-Cast.
Therefore, the defects accelerate the corrosion of UNS C95810. Defects induce a discontinuous corrosion
product film on NAB in seawater, which results in a decrease in the protective effect of the film on
the substrate and an increase in the corrosion rate and the thickness of the film.

 

Figure 1. Weight loss of S-Cast and S-Defect immersed for different time periods in artificial seawater.

 

Figure 2. Film weight of S-Cast and S-Defect immersed for different time periods in artificial seawater.

Figure 3. Weight loss rate of S-Cast and S-Defect immersed for different time periods in artificial seawater.
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3.2. Microstructure and Corrosion Morphology

The normal microstructure of UNS C95810 is mainly composed of a α phase matrix and a dispersed
κ phase (Figure 4).

 

Figure 4. The microstructure of S-Cast before corrosion.

According to the composition and shape of the κ phase, it can be divided into κII, κIII and κIV.
The phase κII is an intermetallic compound based on Fe3Al, which is flower-like or spherical with
a size of 5 to 10 μm and distributed at the boundary of the α phase [9]. The κIII phase is a lamellar
intermetallic compound based on NiAl [9]. The κIV phase is an intermetallic compound based on
Fe3Al and is distributed in the α phase with a size smaller than 2 μm [9]. The size of the α phase is
generally more than 100 μm [20]. To determine the chemical composition of the defects, EDS tests of
selected area and selected points (Figure 5) are carried out. The results show that there is only copper
in selected point while there are many oxygen and few chlorine elements in alloys in selected areas, as
shown in Table 3.

Table 3. The composition of the studied specimens by SEM with EDS.

Content of Element (atom.%)

Specimen O Al Si S Cl Fe Cu

Selected point in Figure 5 100
Selected area in Figure 5 59.29 13.39 4.09 1.68 1.59 1.64 18.32

It can be inferred that the microstructures in defects mainly include pure copper, an oxide of
copper and aluminum and the κ phase.

S-Cast and S-Defect differ in their corrosion processes. S-Cast is preferentially corroded
at the boundary of the αphase and some locations within the α phase, and the corrosion near
the boundary of the α phase is more serious (Figure 6a,b).

As the corrosion progresses, the α phase also begins to undergo significant corrosion (Figure 6c,d).
When the corrosion reaches 30 days, obvious corrosion products have formed on the surface of the alloy
(Figure 6e). S-Defect is preferentially corroded at the defects, and the corrosion near the defects is more
serious (Figure 7a,b).
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Figure 5. Surface and point scan of S-Defect before corrosion.

After the corrosion occurs at the defects and their vicinity, the corrosion at the αphase boundary
and some locations within the αphase gradually becomes apparent (Figure 7a–d). When the corrosion
reaches 30 days, a large area of severe corrosion is occurred at the defects compared to other locations
(Figure 7e). In addition to affecting the location of preferential corrosion, defects increase the complexity
of UNS C95810 microstructures, leading to an increase in tendency toward galvanic corrosion, thus
accelerating the corrosion of UNS C95810 (Figure 6 vs. Figure 7). To determine whether there is
a difference between the corrosion product composition of the defects and that of the surrounding
as-cast microstructures, EDS analysis is performed on the position shown in Figure 7e. The results
(Table 4) show that there is almost no composition difference between the corrosion product of
the defects and that of the surrounding as-cast microstructures.

  

Figure 6. Cont.
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Figure 6. The corrosion morphology of for S-Cast immersed in artificial seawater at different times:
(a) 3 d; (b) local magnification at 3 d; (c) 10 d; (d) local magnification at 10 d; (e) 30 d.
 

  

Figure 7. Cont.
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Figure 7. The corrosion morphology of for S-Defect immersed in artificial seawater at different times:
(a) 3 d; (b) local magnification at 3 d; (c) 10 d; (d) local magnification at 10d; (e) 30 d.

Table 4. The composition of the studied position by SEM with EDS.

Content of Element (atom.%)

Position O Mg Al S Cl Ca Fe Ni Cu

Zone I in Figure 7e 78.79 2.99 1.30 3.43 0.85 0.85 11.79
Zone II in Figure 7e 72.01 2.31 6.62 1.38 3.67 0.29 0.47 1.13 12.12

3.3. Corrosion Product Film

The XRD results of S-Defect and S-Cast for different immersion periods are shown in Figures 8
and 9. Cu2O, Cu(OH,Cl)2 and Cu2(OH)3Cl are detected in the XRD results of S-Defect and S-Cast. Cu2O
changes little with corrosion while Cu(OH,Cl)2 and Cu2(OH)3Cl vary greatly with corrosion (Figure 8).
Cu(OH,Cl)2 is more abundant in the corrosion products after 10 days than that of Cu2(OH)3Cl (Figure 8).
Therefore, it is considered that during the corrosion process, Cu dissolves to Cu+, and then it reacts
with Cl- to form CuCl2− [13,20].
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Figure 8. The XRD patterns of S-Defect immersed for different time periods in artificial seawater.

Over time, it converts to Cu2O [20,21]. As the amount of Cu2O increases, it will react with Cl−
to form more stable phases, such as Cu2(OH)3 Cl [20–22]. This is similar to the experimental results
of Song [21] and Du [22]. Song [21] proposed that Cu2(OH)3Cl was located on the outermost layer
of a NAB corrosion product film. Du [22] proposed that Cu(OH)2 and CuCl2 were located between
Cu2O and Cu2(OH)3Cl. It is believed that since Al is more active than Cu, it first dissolves to form
Al2O3, and then Cu dissolves to form CuO and Cu2O. Cu(OH)2, CuCl2 and Cu2(OH)3Cl are formed on
the basis of products formed by the dissolution of Cu. Therefore, they should be located on the outer
layers of the Al2O3, CuO and Cu2O. The XRD results in this study indicate that the Al2O3, Cu2O, CuO,
Cu(OH)2, CuCl2 and Cu2(OH)3Cl phases were detected on the corrosion product film with increasing
corrosive time. In summary, the corrosion product film of UNS C95810 has a three-layer structure.
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Figure 9. Cont.
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Figure 9. The XRD patterns of (a) S-Cast immersed for different time periods in artificial seawater
and (b,c) S-Cast partial magnification.

3.4. Electrochemistry

The polarization curves of S-Cast and S-Defect in artificial seawater are shown in Figure 10.
The electrochemical corrosion parameters obtained by fitting a linear polarization region of

approximately 10 mV around the resting potential are shown in Table 5.
The corrosion potential and corrosion current density of S-Defect are −86.31 mV and 0.23 μA·cm−2,

respectively, while those of S-Cast are −3.83 mV and 0.228 μA·cm-2, respectively. Generally, defects
decrease the corrosion potential and increase the corrosion current density. Defects increase the tendency
toward galvanic corrosion of UNS C95810, which leads to the promotion of the corrosion driving force,
thus accelerating corrosion. Therefore, S-Defect has a lower corrosion potential and a larger corrosion
current density than those of S-Cast.
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Figure 10. The polarization curve of S-Cast and S-Defect.

Table 5. Corrosion parameters of S-Cast and S-Defect.

Sample
Mean (Standard Deviation)

Potential vs. SCE (mV) Current Density (μA·cm−2) Rp (kΩ·cm2)

S-Cast -3.83 (1.93) 0.228 (0.12) 18.9 (2.12)
S-Defect -86.31 (3.62) 0.23 (0.22) 14.9 (2.89)

4. Discussion

4.1. Corrosion Rate of UNS C95810

Defects can affect the diffusion of Cl− and the corrosion driving force, thus accelerating the corrosion
of NAB. The presence of defects causes the passivation film formed on NAB to become uneven.
Generally, the electric field strength in the passivation film (ε) obeys the following formula: ε = V

l ,
where V is the potential difference between the two sides of the passivation film and l is the thickness
of the passivation film [19]. Because the passivation film at the defects is thinner than that at other
locations [19], the field strength at the defects is higher than that at other locations. This causes Cl-

to diffuse more easily to the defects and to enrich there (Figure 11 and Table 6), resulting in faster
destruction of the passivation film.

Table 6. The composition of S-Defect immersed in artificial seawater for 3 h.

Content of Element (atom.%)

Specimen O Al Mn Cl Fe Ni Cu

Position I 73.30 3.33 - 2.13 2.90 1.44 16.90

Position II - 15.07 1.41 - 2.65 2.33 78.54

Position III - 29.27 2.6 - 46.35 12.96 8.82

Once the passivation film is broken, the substrate is directly in contact with the corrosive medium,
which accelerates the corrosion rate. Therefore, the presence of defects affects the diffusion of Cl−
and the corrosion process.
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Figure 11. SEM image of S-Defect immersed in artificial seawater for 3 h.

4.2. Corrosion Product Film Structure of S-Defect

The results of the XRD test show that the X-ray diffraction pattern of both the S-Cast and S-Defect
samples are basically the same, as shown in Figures 8 and 9, but the intensity of some phases in
the corrosion products is different. Therefore, they have similar corrosion product film structures
but different corrosion product film thicknesses (Figures 2, 8 and 9). It had been reported that
a corrosion product film with Cu2O in the outer layer and Al2O3 in the inner layer was formed on
a NAB [4] and a ternary Cu-Al-Ni alloy [23,24]. Cu2O and Al2O3 were formed by the following
reactions [12,13,22,24,25]:

Al(s) + 4Cl− → AlCl4− + 3e− (1)

AlCl4− + 2H2O→ Al2O3(s) + 4Cl− + 3H+ (2)

Cu(s)→ Cu+ + e− (3)

Cu+ + Cl− → CuCl(s) (4)

CuCl(s) + Cl− → CuCl2− (5)

2CuCl2− + H2O→ Cu2O(s) + 4Cl− + 2H+ (6)

Cu2O is a p-type semiconductor with cation vacancies. It can accept foreign ions, such as
Ni and Fe ions, to incorporate into inner cation vacancies, further improving the protection from
the film [14,26,27]. Based on previous research [4,14,21,23,24,26,27], Cu2O should be the main corrosion
product in the inner layer of the film for both S-Cast and S-Defect. Fe and Ni is enriched in the inner
layer by incorporating into the lattice of Cu2O. The microstructures of the S-Cast and S-Defect are
complex, resulting in different Cu dissolution rates in different phases. Because Al2O3 cannot form
simultaneously on different phases, the discontinuous Al2O3 layer on the surface is not impermeable
to the passage of cuprous cations [20]. As a result, the inner layer of the corrosion product film
consists of Al2O3 and Cu2O with the incorporation of Fe and Ni [20]. In the XRD tests, Cu(OH,Cl)2

and Cu2(OH)3Cl are detected in the corrosion products of S-Cast and S-Defect. They could form by
the following reactions [13,25,26,28]:

Cu+ +
1
2

O2 + e− → CuO(s) (7)
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CuO(s) + H2O→ Cu(OH)2(s) (8)

Cu2O(s) + Cl− + 2H2O→ Cu2(OH)3Cl(s) + H+ + 2e− (9)

According to Song’s research [21] on a NAB corrosion product film, Cu2(OH)3Cl was located
in the outer layer of the NAB corrosion product film. In the structure of the NAB corrosion product
film proposed by Du [22], Cu(OH)2 or CuO was located between Cu2O and Cu2(OH)3Cl. Therefore,
combined with the above analysis and the results of the XRD test, it can be concluded that the structure
of the S-Defect corrosion product film is as follows (Figure 12): the inner layer is Al2O3 and Cu2O
with the incorporation of Fe and Ni, the middle layer is Cu(OH,Cl)2 or CuO, and the outer layer is
Cu2(OH)3Cl.

 

Figure 12. The corrosion product film structure of S-Defect immersed in artificial seawater for
a long time.

4.3. Microstructure and Corrosion Behavior of UNS C95810

The stability of the phase and its corrosion products can affect the corrosion behavior,
and the stability of the phase can be expressed with a work function. There is a corresponding
relationship between work function and Volta potential: VCPD =

(
Φtip −Φsample

)
/e , where VCPD is

the Volta potential, Φtip and Φsample are the work functions of the tip and the sample, respectively, and e
is the value of the electronic charge [29]. The value of Φtip is constant. Thus, higher VCPD results in
lower Φsample. The work function is defined as the minimum energy required for an electron to escape
from the surface of a solid. A lower work function of a material represents more likely occurrences of
corrosion [30]. Therefore, a substance with a higher Volta potential is more susceptible to corrosion.
From the measurements of the Volta potential of an as-cast NAB by Song, it can be seen that the Volta
potential of the κIV phase was higher than that of the α phase but lower than that of the κII phase [21].
Hence, the stability of the phases from low to high should be κII, κIV and α. However, in near-neutral
artificial seawater, Al2O3 is formed on the surface of the Al-rich κ phase and its stability is much higher
than that of Cu2O, so the κ phase as the cathode phase will not continue to corrode but accelerates
the corrosion rate of the surrounding microstructures [31]. Since the κIV phase and κII phase are located
in the α phase and the boundary of the α phase, corrosion preferentially occurs in the αphase boundary
and some locations in the α phase. The Volta potential between the κII phase and α phase is 60–80 mV,
while that between the κIV phase and α phase is 20–40 mV [21]. The areas with a higher Volta potential
have a stronger driving force for corrosion. Therefore, the corrosion in the α phase boundary is more
prone to occur than that in the α phase.

The existence of defects accelerates the corrosion process to a certain extent, mainly due to
the following reasons. First, the defect microstructures mainly include oxides of copper and aluminum,
along with pure copper. This is a more complex phase composition than the as-cast microstructures.
Such a phase composition makes it easier for the inside of defects and between the defects
and the surrounding microstructures to form a galvanic corrosion, thereby accelerating the corrosion of
the defects and the microstructures near the defects. Second, defects not only make the microstructures
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of as-cast NAB more complex but also cause the inhomogeneity of the corrosion product film, resulting
in greater stress in the growth process of the film [21]. The increase in growth stress can cause
the film to become loose or even crack, thereby causing the corrosive medium to more easily enter
the film and corrode the substrate. Finally, the corrosion potential of UNS C95810 decreases due to
defects. The lower corrosion potential provides a more powerful driving force for corrosion, thereby
accelerating the corrosion of UNS C95810.

4.4. Corrosion Mechanism of UNS C95810

According to the experimental results obtained in this paper and related literature [21], the stability
of the phases in NAB from low to high is κII, κIV, κIII and. Since the κ phase is an Al-rich phase and Al
is a more active metal than Cu, the κ phase will preferentially corrode and form Al2O3 on the surface
when NAB is in contact with seawater. Al2O3 is a more stable oxide than that of Cu2O and CuO, so the κ
phase covered by Al2O3 will no longer corrode as an anode phase but will act as a cathode phase in
galvanic corrosion to accelerate the corrosion of the surrounding microstructures. The above results in
the formation of Cu2O, Cu(OH,Cl)2 and Cu2(OH)3Cl on the surface of the surrounding microstructures.
The Volta potential between the κII, κIII, κIV phases and the α phase is 60–80 mV, 10–30 mV and 20–40
mV, respectively [21]. Therefore, the corrosion near the κII phase is the fastest and the most serious,
followed by that near the κIV phase, and finally that near the κIII phase. In summary, the specific
corrosion behavior of S-Cast can be summarized as Figure 13.

 

Figure 13. Process mechanism of corrosion behavior of S-Cast immersed in artificial seawater.

For S-Defect, in addition to the corrosion characteristics of S-Cast, it has some additional
characteristics due to the presence of defects. The presence of defects not only promotes the formation
of galvanic corrosion between the internal microstructures of the defects but also promotes that
between the defects and the surrounding microstructures, thereby greatly increasing the tendency
toward galvanic corrosion. Therefore, the corrosion behavior of S-Defect can be obtained by combining
the corrosion process of S-Cast with an additional galvanic corrosion process introduced due to
the existence of defects. Its corrosion mechanism can be summarized as shown in Figure 14.
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Figure 14. Process mechanism of corrosion behavior of S-Defect immersed in artificial seawater.

5. Conclusions

In this paper, the effects of cast defects on the corrosion behavior and mechanism of the UNS
C95810 in artificial seawater were studied. The conclusions are as follows:

1) The microstructure of the UNS C95810 alloy consists of an α phase and a κ phase. Except for
these cast phases, there are oxides of copper and aluminum, along with pure copper in defects.

2) Compared to those of S-Cast, S-Defect has a thicker corrosion product film, more negative
corrosion potential and greater corrosion current density.

3) The corrosion product film of both S-Defect and S-cast consists of three layers. The inner layer is
Al2O3 and Cu2O with the incorporation of Fe and Ni, the middle layer is Cu(OH,Cl)2 or CuO,
and the outer layer is Cu2(OH)3Cl. The defects do not affect the phase composition of the corrosion
products, but they have an effect on the amount of the specific phase in the corrosion products.

Author Contributions: Conceptualization, X.Z., Y.Q. and Z.Z.; methodology, X.Z., Y.Q. and Z.Z.; software, X.Z.;
validation, J.W.; formal analysis, X.Z. and Z.Z.; investigation, X.Z. and Z.Z.; resources, J.Z., L.Q., D.H., Y.Q.
and Z.Z.; data curation, X.Z.; writing—original draft preparation, X.Z.; writing—review and editing, X.Z., Z.Z.
and Y.Q.; visualization, X.Z. and J.W.; supervision, Z.Z. and Y.Q.; project administration, Z.Z. and Y.Q.; funding
acquisition, Z.Z. and Y.Q. All authors have read and agreed to the published version of the manuscript.

Funding: This research was funded by Project of Equipment Pre-research Field Fund, grant number 61409220304
and Equipment Pre-research Sharing Technology Project, grant number 41404010306,41423060314.

Acknowledgments: Thanks to Zeng Kai for his help in the experimental part of this article.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Culpan, E.A.; Rose, G. Corrosion Behaviour of Cast Nickel Aluminium Bronze in Sea Water. Br. Corros. J.
2014, 14, 160–166. [CrossRef]

2. Al-Hashem, A.; Caceres, P.G.; Shalaby, H.M.; Riad, W.T. Cavitation Corrosion Behavior of Cast
Nickel-Aluminum Bronze in Seawater. Corrosion 1995, 51, 331–342. [CrossRef]

3. Wharton, J.A.; Barik, R.C.; Kear, G.; Wood, R.J.K.; Stokes, K.R.; Walsh, F.C. The corrosion of nickel–aluminium
bronze in seawater. Corros. Sci. 2005, 47, 3336–3367. [CrossRef]

4. Schüssler, A.; Exner, H.E. The corrosion of nickel-aluminium bronzes in seawater—I. Protective layer
formation and the passivation mechanism. Corros. Sci. 1993, 34, 1793–1802. [CrossRef]

5. Schüssler, A.; Exner, H.E. The corrosion of nickel-aluminium bronzes in seawater—II. The corrosion
mechanism in the presence of sulphide pollution. Corros. Sci. 1993, 34, 1803–1811. [CrossRef]

85



Materials 2020, 13, 1790

6. Ferrara, R.J.; Caton, T.E. Review of dealloying of cast aluminum bronze and nickel-aluminum bronze alloys
in sea water service. Mater. Perform. 1982, 21, 30–34.

7. Neodo, S.; Carugo, D.; Wharton, J.A.; Stokes, K.R. Electrochemical behaviour of nickel–aluminium bronze in
chloride media: Influence of pH and benzotriazole. J. Electroanal. Chem. 2013, 695, 38–46. [CrossRef]

8. Lorimer, G.W.; Hasan, F.; Iqbal, J.; Ridley, N. Observation of microstructure and corrosion behaviour of some
aluminium bronzes. Br. Corros. J. 2013, 21, 244–248. [CrossRef]

9. Hasan, F.; Jahanafrooz, A.; Lorimer, G.W.; Ridley, N. The morphology, crystallography, and chemistry of
phases in as-cast nickel-aluminum bronze. Metall. Trans. A 1982, 13, 1337–1345. [CrossRef]

10. Weill-Couly, P.; Arnaud, D. Effect of the Composition and Structure of Aluminum Bronzes on their Behavior
in Service. Fonderie 1973, 123–135.

11. Tuthill, A.H. Guidelines for the use of copper alloys in seawater. Mater. Perform. 1987, 26, 12–22.
12. Ateya, B.G.; Ashour, E.A.; Sayed, S.M. Corrosion of Î±Al bronze in saline water. J. Electrochem. Soc. 1994, 141, 71–77.

[CrossRef]
13. Kato, C.; Castle, J.E.; Ateya, B.G.; Pickering, H.W. On the mechanism of corrosion of Cu-9.4Ni-1.7Fe alloy in

air saturated aqueous NaCl solution 2. Composition of the protective surface layer. J. Electrochem. Soc. 1980,
127, 1897–1903. [CrossRef]

14. North, R.F.; Pryor, M.J. The influence of corrosion product structure on the corrosion rate of Cu-Ni alloys.
Corros. Sci. 1970, 10, 297–311. [CrossRef]

15. Sabbaghzadeh, B.; Parvizi, R.; Davoodi, A.; Moayed, M.H. Corrosion evaluation of multi-pass welded
nickel–aluminum bronze alloy in 3.5% sodium chloride solution: A restorative application of gas tungsten
arc welding process. Mater. Des. 2014, 58, 346–356. [CrossRef]

16. Hanke, S.; Fischer, A.; Beyer, M.; Santos, J.D. Cavitation erosion of NiAl-bronze layers generated by friction
surfacing. Wear 2011, 273, 32–37. [CrossRef]

17. Ni, D.R.; Xiao, B.L.; Ma, Z.Y.; Qiao, Y.X.; Zheng, Y.G. Corrosion properties of friction–stir processed cast NiAl
bronze. Corros. Sci. 2010, 52, 1610–1617. [CrossRef]

18. Wang, J.; Yan, F.; Xue, Q. Tribological behaviors of some polymeric materials in sea water. Sci. Bull. 2009,
54, 4541–4548. [CrossRef]

19. Cao, C.N. Principles of Electrochemistry of Corrosion, 3rd ed.; Chemical Industry Press: Beijing, China, 2008.
20. Song, Q.N.; Zheng, Y.G.; Ni, D.R.; Ma, Z.Y. Characterization of the Corrosion Product Films Formed on

the As-Cast and Friction-Stir Processed Ni-Al Bronze in a 3.5 wt% NaCl Solution. Corrosion 2015, 71, 606–614.
[CrossRef]

21. Song, Q.N. Effect of Friction Stir Processing on the Cavitation Erosion and Corrosion Behaviors of As-Cast
Ni-Al Bronze. Ph.D. Thesis, University of Chinese Academy of Sciences, Beijing, China, 2015.

22. Du, C.Y. Research on Corrosion Resistance of the Nickel-Aluminum Bronze and the Surface Treatment on It.
Master’s Thesis, Jiangsu University of Science and Technology, Zhenjiang, China, 2014.

23. Badawy, W.A.; Al-Kharafi, F.M.; El-Azab, A.S. Electrochemical behaviour and corrosion inhibition of Al,
Al-6061 and Al–Cu in neutral aqueous solutions. Corros. Sci. 1999, 41, 709–727. [CrossRef]

24. Nady, H.; Helal, N.H.; El-Rabiee, M.M.; Badawy, W.A. The role of Ni content on the stability of Cu–Al–Ni
ternary alloy in neutral chloride solutions. Mater. Chem. Phys. 2012, 134, 945–950. [CrossRef]

25. Mansfeld, F.; Liu, G.; Xiao, H.; Tsai, C.H.; Little, B.J. The corrosion behavior of copper alloys, stainless steels
and titanium in seawater. Corros. Sci. 1994, 36, 2063–2095. [CrossRef]

26. Popplewell, J.M.; Hart, R.J.; Ford, J.A. The effect of iron on the corrosion characteristics of 90-10 cupro nickel
in quiescent 3·4%NaCl solution. Corros. Sci. 1973, 13, 295–309. [CrossRef]
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Abstract: As a typical material of the insert in high-level radioactive waste (HLW) geological disposal
canisters, iron-based materials will directly contact with groundwater after the failure of a metallic
canister, acting as a chemical barrier to prevent HLW leaking into groundwater. In this paper, anoxic
groundwater was simulated by mixing 10 mM NaCl and 2 mM NaHCO3 purged by Ar gas (containing
0.3% CO2) with different added ions (Ca2+, CO3

2− and SiO3
2−) and operation temperatures (25, 40 and

60 ◦C). An electrochemical measurement, immersion tests and surface characterization were carried
out to study the corrosion behavior of pure iron in the simulated groundwater. The effects of Ca2+ on
the corrosion behavior of iron is negligible, however, Cl− plays an important role in accelerating the
corrosion activity with the increased concentration and temperature. With increased concentrations
of CO3

2− and SiO3
2−, the corrosion resistance of iron is largely improved, which is attributed to the

formation of a uniform passivation film. The independent effects of temperature on the corrosion
behavior of iron are resulted from the repeated passivation–dissolution processes in the formation of
the passivation film, resulting from the synergistic effects of CO3

2−/SiO3
2− and Cl−. The formation

of ferric silicate is dominant in the passivation film with the addition of SiO3
2−, which effectively

protects the iron surface from corrosion.

Keywords: pure iron; groundwater; corrosion behavior; ions; temperature

1. Introduction

The metallic canister is the first barrier to prevent high-level radioactive waste (HLW) from leakage
in different countries. Although with the same concept on selecting the candidate materials for the
canister, i.e., with good mechanical properties and corrosion resistance, the relevant countries have
made relatively different choices. To be specific, a Cu canister with a nodular cast iron insert is adopted
in Sweden and Finland [1,2]; a Cu coating on a welded steel vessel is being designed in Canada [3,4]; a
stainless steel canister with a glass or ceramic waste form is being planned in the US [5]; and a stainless
steel with cast iron is selected by France [6]. Iron-based materials are considered not only because of
their mechanical performance but also their nature as reductants [1].
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Pure iron has been proved to be able to reduce highly dissolved U(VI), Se(IV) and Tc(VII) to
insoluble UO2, FeSe2 and TcO2 in an anoxic solution [1,7–11] since the airborne O2 in the deep geological
repository will have been consumed completely by the iron minerals before the canister failure [12,13].
In case of canister failure, the intrusion of underground water together with a radiation effect may
lead to the dissolution of toxic U(VI). However, based on the nature of pure iron, it can be predicted
that the toxic dissolved U(VI) from HLW can be reduced to insoluble UO2, thereby not entering the
biosphere. Considering this, the service behavior and development of corrosion products of iron-based
materials in a groundwater environment may affect the reduction and inhibition of HLW. Therefore, it
is of utmost significance to study the corrosion behavior of pure iron in a groundwater environment
under anoxic conditions.

The lifetime of a canister is affected by environmental factors such as dissolved oxygen, composition
of groundwater and temperature in the repository. Based on the surveys in different sites for
repository [14], it demonstrates that the main cations are Na+, K+, Ca2+ and Mg2+, while the main
anions are HCO3

−/CO3
2−, Cl− and SO4

2−. At the beginning period of the geological disposal, the
temperature rises in a short period of time due to the release of residual heat from the high-level
radioactive waste, and then decreases gradually. N.R. Smart and co-workers [15] reported that
the corrosion rate of low-carbon steel in an anoxic simulated groundwater solution of Sweden at
30–85 ◦C is below 0.1 μm/y. C. Liu et al. [16] measured the average corrosion rate of low-carbon steel
in aerobic and unsaturated bentonite after irradiation and thermal aging treatment at 90 ◦C. F. A.
Martin et al. [17] studied the corrosion behavior of low-alloy steel in anoxic simulated groundwater
using the electrochemical impedance method at 90 ◦C and the results showed that the corrosion rate
decreased with the increase in reaction time. The research on the candidate canister materials for a
deep geological repository mainly focused on iron-based materials, such as low-carbon steel, low-alloy
steel and nodular cast iron [18–22], while as the basic of iron-based materials, pure iron has rarely been
studied regarding its corrosion behavior in a deep geological disposal repository.

Pure iron can be oxidized by water ferric iron via ferrous iron even in an anoxic solution without
strong oxidants, i.e., O2, H2O2 and so on [23]. Consistent with the anoxic corrosion of pure iron, the
solution pH and corrosion products increase while Eh decreases. In addition, co-existing ions in the
solution have different effects on the corrosion of pure iron under anoxic conditions. To be specific,
cations like As(V), Se(VI) can be reduced by pure iron nanoparticles [24], while anions like nitrate and
sulfate may lower the reduction rate of Se(VI) [25]. Therefore, it is important to investigate the effects
of other anions, like Cl−, HCO3

−, CO3
2− and SiO3

2−, which are typical in underground water, on the
anoxic corrosion of pure iron.

In this paper, the corrosion behavior of pure iron in anoxic simulated groundwater was studied.
Specifically, the anoxic simulated groundwater (SG) solution was simulated by using 10 mM NaCl
and 2 mM NaHCO3 [1], with different concentrations of CaCl2, Na2CO3 and Na2SiO3, respectively.
The corrosion behavior of pure iron coupons in these simulated solutions was studied via an immersion
test, electrochemical test and surface characterization. The effect of temperature was also evaluated by
varying the temperature from 25 to 60 ◦C. Based on the results, a corrosion mechanism of pure iron
affected by different ions and temperatures in anoxic simulated groundwater is proposed.

2. Experimental

2.1. Materials

The chemical composition of the commercial iron plate (> 99.99%) is shown in Table 1. For the
immersion experiment, the iron plate was cut into specimens with dimension of 20 mm× 10 mm× 2 mm.
Each sample was mechanically grounded to 2000 grit by silicon carbide papers, washed and dried
with ethanol and then stored in a desiccator. For the electrochemical experiment, the iron plate was cut
into specimens with dimension of 10 mm× 10 mm× 2 mm to make electrodes. The prepared working
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electrodes were grounded to 2000 grit and polished to a mirror surface, after which they were washed
and dried with ethanol and then stored in a desiccator.

Table 1. Chemical composition of pure iron.

Material
Composition (wt.%)

C S P Si Mn Fe

Pure iron 0.003 0.002 0.002 0.002 0.001 balance

2.2. Simulated Groundwater Solution

The simulated groundwater includes the major component of an SG solution (10 mM NaCl + 2 mM
NaHCO3) and different ions (Ca2+, CO3

2−, SiO3
2−). The concentrations of ions were set as 0, 1, 5, 10 and

20 mM, respectively, by adding CaCl2, Na2CO3 and Na2SiO3 solution. The details of the chemical
composition of the simulated groundwater for the different groups are shown in Table 2.

Table 2. Chemical composition of simulated groundwater.

Solution
Chemicals Concentration (mM)

NaCl NaHCO3 CaCl2 Na2CO3 Na2SiO3

SG 10 2 0 0 0

SG + CaCl2

10 2 1 0 0
10 2 5 0 0
10 2 10 0 0
10 2 20 0 0

SG + Na2CO3

10 2 0 1 0
10 2 0 5 0
10 2 0 10 0
10 2 0 20 0

SG + Na2SiO3

10 2 0 0 1
10 2 0 0 5
10 2 0 0 10
10 2 0 0 20

2.3. Electrochemical Measurement

In order to figure out the corrosion behavior of pure iron in the anoxic simulated groundwater, the
measurements of the potentiodynamic polarization curve and electrochemical impedance spectroscopy
(EIS) of the iron samples were carried out using a Zahner electrochemical workstation, Germany, with
varied ions concentrations (see Table 2) and temperatures (25, 40 and 60 ◦C). An electrochemical cell of
three electrodes (the iron sample acted as the working electrode, a saturated Hg/HgCl electrode worked
as the reference electrode and a platinum foil served as the counter electrode) was set up, followed by
purging the respective solution with argon gas (containing 0.3% CO2) for 20 min to obtain the H2- and
O2-free solution. Then, the open-circuit potential was tested for 20 min and when the potential was
stable, EIS was tested with a direct current potential of 0 V relative to the open-circuit, alternate current
(AC) amplitude of 10 mV, initial frequency of 10,000 Hz and termination frequency of 0.01 Hz. Finally,
the potentiodynamic polarization curve was tested with a potential range of −0.3~+0.8/1.2 V relative
to the open-circuit potential. The potential sweep rate is 0.5 mV/s.

2.4. Immersion Test

Immersion tests of iron samples were carried out in 20 mM SG and SG + CaCl2/Na2CO3/Na2SiO3

solution at 25, 40 and 60 ◦C for 4 weeks, which were replaced each week. Parallel experiments
were performed and three samples were taken out after 4 weeks. Two parallel samples used for the
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determination of the corrosion rate were firstly washed by a rust removal solution (500 mL HCl, 500 mL
deionized water and 10 g hexamethylenetetramine), followed by drying and weighing.

The rest of the sample was directly stored in a desiccator for the characterization of the corrosion
product and passivation film. The solutions (pH 8.2) were maintained anoxic by purging Ar gas
(containing 0.3% CO2) prior to the experiment and during the replacement of the solutions.

2.5. Surface Characterization

Scanning electron microscopy with energy dispersive spectroscopy (SEM/EDS) was conducted to
analyze the surface morphologies and elemental compositions of the iron surfaces after the immersion
tests, by using a FEI Quanta FEG 250 SEM equipped with an Oxford Inca X-act 2000 EDS system (FEI,
Hillsboro, OR, USA). An accelerating voltage of 15 kV and a working distance of 10 mm were used to
analyze secondary electron images.

Confocal Raman microscopy (CRM, Renishaw, London, UK) measurements were carried out to
analyze the formation of the corrosion products after the immersion tests using a Renishaw inVia
Qontor CRM system equipped with a laser source with the wavelength of 532 nm. The scan range was
0–1200 cm−1 with a spectral resolution of 1 cm−1.

X-ray photoelectron spectroscopy (XPS, Kratos, Manchester, UK) measurements were performed
to characterize the formation of the passivation film after the immersion tests by using a Kratos AXIS
Ultra DLD spectrometer, with a monochromated Al K-α X-ray source (hv = 1486.69 eV) at the power
of 150 W. The working voltage was set as 15 kV and the transmission current was set as 10 mA.
The chemical state assessment was achieved by curve-fitting the spectra using the XPSpeak software
(XPSpeak4.1, Hong Kong, China).

3. Result and Discussion

3.1. Potentiodynamic Polarization Curves

The electrochemical corrosion behavior of pure iron in different groundwater solutions
and at different temperatures was investigated by potentiodynamic polarization measurements.
The polarization curves measured at 40 ◦C are shown in Figure 1, indicating distinguishing
characteristics in different simulated groundwater solutions. By means of the Tafel extrapolation
method, electrochemical parameters obtained from the fitted curves are presented in Table 3, showing
the corrosion current density and corrosion potential. The variation in the corrosion current density
with varying concentrations/temperatures is displayed in Figure 2.

Table 3. Electrochemical parameters obtained from the fitted curves.

40 ◦C i0/E0

C/mM
0 1 5 10 20

CaCl2
i0/A·cm−2 4.40 × 10−6 8.25 × 10−6 2.33 × 10−5 3.09 × 10−5 3.76 × 10−5

E0/V −0.543 −0.542 −0.542 −0.540 −0.536

Na2CO3
i0/A·cm−2 4.40 × 10−6 7.19 × 10−6 7.91 × 10−6 1.33 × 10−6 3.27 × 10−6

E0/V −0.543 −0.537 −0.610 −0.642 −0.161

Na2SiO3
i0/A·cm−2 4.40 × 10−6 1.56 × 10−5 4.19 × 10−6 5.40 × 10−6 3.93 × 10−6

E0/V −0.543 −0.621 −0.634 −0.655 −0.377
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Figure 1. Polarization curves of pure iron in different simulated groundwaters at 40 ◦C. (a) SG + CaCl2;
(b) SG + Na2CO3; (c) SG + Na2SiO3.

Figure 2. The variation in the corrosion current density with concentration/temperature in different
simulated groundwaters. (a) SG + CaCl2; (b) SG + Na2CO3; (c) SG + Na2SiO3.

In the SG + CaCl2 solution (Figure 1a), the curves are very similar, characterized as active
dissolution control in both the anodic and cathodic areas. The anodic polarization curves appear in
the active dissolution region, but are without occurrence in the passivation region [26,27]. Both the
SG and CaCl2 solutions contain active Cl−, which easily destroys the protective oxide film formed
on the iron surface and triggers the dissolution of the iron, further accelerating the electrochemical
corrosion activity.
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Seen from Table 3 and Figure 2a, it is evident that the corrosion current density demonstrates a
rising trend with increased concentrations of CaCl2 and temperature, suggesting a higher corrosion
activity of iron. The increase in concentration and temperature accelerates the activity of Cl− and
promotes the dissolution of the corrosion products, leading to the increase in the corrosion rate [21].
The corrosion rate of iron in the SG + CaCl2 solution is higher than that in other environments,
indicating Cl− plays dominant roles in the electrochemical processes.

In the SG + Na2CO3 solution (Figure 1b), the polarization curves in the 0 and 1 mM Na2CO3

solutions are very similar to Figure 1a, indicating Cl− plays a major role in the kinetic control of active
dissolution. However, with increased concentrations of Na2CO3 (5 and 10 mM), the polarization curves
display an obvious inflexion after −0.55 V and then appear as fluctuating transition and passivation
regions. It suggests that a discontinuous passivation film gradually forms on the iron surface. When the
concentration of Na2CO3 reaches 20 mM, the corrosion potential positively shifts to −0.2 V and the
obviously different curves show very stable passivation and over passivation regions, but without
a transition passivation region. It is evident that the high concentration of CO3

2− is related to the
stable passivation region in the anodic polarization curve, indicating the formation of a continuous
passivation film on the iron surface.

Seen from Table 3 and Figure 2b, with increased concentrations of Na2CO3, the overall trend of
the corrosion current density firstly rises and then falls, and gradually becomes stable. The effects of
active Cl− competes with the formation of the passivation film, so the fluctuated corrosion rates are
dependent on the synergetic effect. However, the effects of temperature on the corrosion current density
are not consistent, which is dependent on the concentration of the solution. In the low-concentration
solution, the corrosion current density increases with the increased temperature, which is in relation
to the enhanced activity of Cl−. The discontinuous passivation film formed in the low-concentration
solution is easily destroyed by Cl−, resulting in an increased corrosion rate of iron. However, a high
concentration of CO3

2− promotes the formation of the passive film, further preventing the penetration
of Cl−. The decreased corrosion current density attributes to the barrier effects of the passivation film,
resulting in a lower corrosion rate with the increased temperature.

In the SG +Na2SiO3 solution (Figure 1c), the characteristics of the polarization curves are very
similar to the Na2CO3 solution. With increased concentrations of Na2SiO3, the passivation region
becomes more and more stable. When the concentration of Na2SiO3 reaches 20 mM, the wide potential
range of the passivation region infers the formation of a denser and more uniform passive film than
that formed in the Na2CO3 solution.

Seen from Table 3 and Figure 2c, similar to the Na2CO3 solution, the variation in the corrosion
current density is fluctuating and not stable with the increased concentrations of Na2SiO3, indicating
the competition of synergetic effects between the active Cl− and the passivation film. The effects of
temperature on the corrosion current density are also dependent on the concentration. On the one
hand, a high temperature promotes SiO3

2− to form a dense and uniform passivation film. On the other
hand, a high temperature accelerates Cl− to destroy the passivation film.

3.2. Electrochemical Impedance Spectroscopy

Electrochemical impedance measurements were performed to characterize the barrier effect of the
oxide film formed on the pure iron in different groundwater solutions. The EIS spectra measured at
40 ◦C are shown in Figure 3, displaying different characteristics in different groundwater solutions.
Electrochemical parameters obtained from the fitted EIS spectra are presented in Table 4, based on a
different equivalent circuit (Figure 4). In order to illuminate the effect of different ions and temperature
on the corrosion resistance of iron in simulated groundwater, the variation in the polarization resistance
with varying concentrations/temperatures are displayed in Figure 5.
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Figure 3. EIS Nyquist (1) and Bode (2) spectra of pure iron in different simulated groundwaters at
40 ◦C. (a) SG + CaCl2; (b) SG + Na2CO3; (c) SG + Na2SiO3.

Table 4. Electrochemical parameters of equivalent circuit of electrochemical impedance spectroscopy (EIS).

Solution C/mM Rs/Ω Rct/Ω Rf/Ω Rp/Ω Cr/S·secn Cdl/S·secn

CaCl2

0 mM 169.0 2889.0 − 2889.0 − 0.00024
1 mM 176.8 2653.0 − 2653.0 − 0.000023
5 mM 108.6 226.4 − 226.4 − 0.00030

10 mM 72.3 227.1 − 227.1 − 0.00026
20 mM 44.9 1977.0 − 1977.0 − 0.00022

Na2CO3

1 mM 174.8 3535.0 1277.0 4812 0.00017 0.0085
5 mM 115.9 12.7 13,280.0 13,292.7 0.00021 0.000031
10 mM 68.9 13.5 8780.0 8793.5 0.000052 0.00044
20 mM 54.9 89.6 40,060.0 40,149.6 0.000063 0.000043

Na2SiO3

1 mM 168.7 8164.0 275.1 8439.1 0.00020 0.0020
5 mM 275.1 9494.0 289.1 9783.1 0.00021 0.021
10 mM 85.1 0.3 11,400.0 11,400.3 0.00023 0.00019
20 mM 51.6 28.3 51,770.0 51,798.3 0.00016 0.00010
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Figure 4. Equivalent electric circuits used to extract parameters from the EIS spectra. (a) SG + CaCl2;
(b) SG + Na2CO3; (c) SG + Na2SiO3. (Rs: electrolyte resistance; Rct: charge-transfer resistance; Rf: film
resistance; Cdl: double layer capacitance; Cf: film capacitance).

Figure 5. The variation in the polarization resistance of iron with concentration/temperature in different
simulated groundwaters. (a) SG + CaCl2; (b) SG + Na2CO3; (c) SG + Na2SiO3.

In the SG + CaCl2 solution (Figure 3a), the Nyquist spectra show only one capacitive loop and the
diameter of the loop decreases with the increased concentration of CaCl2. From the Bode plot, it can be
seen that the major process has a capacitive slope below 10 Hz. With the increased concentration, the
resistance of pure iron at low frequency decreased from about 3000 to 2000 Ω·cm2. A time constant is
evident at low frequency, probably assigned to a charge transfer process [28]. The equivalent circuit
used for modeling the Nyquist plots consisted of electrolyte resistance (Rs), charge-transfer resistance
(Rct) and double layer capacitance (Cdl) (Figure 5a). The polarization resistance (Rp) equals to Rct.

Seen from Table 4 and Figure 4a, the polarization resistance is basically conserved with the
increased concentration of CaCl2 (10 mM at 25 ◦C is the only exception), indicating the corrosion
resistance of iron is independent from the concentration. Similar to the polarization results, the effects
of the formation of the passivation film compete with the active Cl−, which is not beneficial to enhance
corrosion resistance. However, the effects of the increased temperature on polarization resistance were
generally decreasing, indicating that the high temperature accelerated the activity of Cl− and promoted
the dissolution of the corrosion products, resulting in a lower corrosion resistance. The corrosion
resistance of iron in the SG+CaCl2 solution was much lower than that in other environments, indicating
Cl− plays dominant roles in the electrochemical processes.
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In the SG + Na2CO3 solution (Figure 3b), a capacitive loop appears in the Nyquist spectra.
Different from the CaCl2 solution, the diameter of the loop increases with the increased concentration
of Na2CO3. The Bode plot indicates that the major process has a capacitive slope below 1 Hz. With the
increased concentration, the resistance of pure iron at low frequency increased from about 3000
to 34,000 Ω·cm2. A time constant is also evident at low frequency, probably assigned to a charge
transfer process. However, with the increased concentration, the characteristics of the peaks of
the phase angle changed from symmetry to asymmetry, suggesting the possible existence of two
overlapped peaks [29,30]. Hence, two time constants were required for a proper fitting, indicating
two electrochemical reactions occurred on the iron surface. Based on the results from the polarization
curves, the high concentration of CO3

2− promoted the formation of the passive film, so Cl− plays
an important role in the dissolution of both the passivation film and iron matrix. The equivalent
circuit used for modeling the Nyquist plots consists of electrolyte resistance (Rs), film resistance for
passivation film formed on the iron surface (Rf), film capacitance (Cf), charge-transfer resistance (Rct)
and double layer capacitance (Cdl) (Figure 5b). The polarization resistance (Rp) is calculated by adding
Rf and Rct.

Seen from Table 4 and Figure 5b, it is indicated that raising the concentration of Na2CO3 increases
both Rf and Rp of pure iron. It is obvious that CO3

2− promotes the formation of the passive film,
further preventing the penetration of Cl−. The passivation film becomes uniform and dense with
the increased concentration, demonstrating higher barrier effects on the surface. Even though the
corrosion rate is fluctuant, shown in the polarization curves, the corrosion resistance of iron largely
enhances with the increased concentration. However, the polarization resistance decreased with the
increased temperature, which is related to the reduced barrier effects of the passivation film. The high
temperature easily accelerates the activity of Cl−, leading to the dissolution of the passivation film,
further lowering the corrosion resistance.

In the SG + Na2SiO3 solution (Figure 3c), the characteristics of the EIS spectra are similar to
the Na2CO3 solution. With the increased concentration, the resistance of pure iron at low frequency
increased from about 3000 to 50,000 Ω·cm2, which is even higher than the resistance in the Na2CO3

solution. Due to the asymmetry peaks of the phase angles, two time constants were also required
for a proper fitting. The equivalent circuit used for modeling the Nyquist plots consists of the same
components used for the Na2CO3 solution, but two series of networks were used to address the effect
of a dense and uniform passivation film.

Seen from Table 4 and Figure 5c, the variation in the polarization resistance shows a fluctuating
but increasing trend in the SG +Na2SiO3 solution (20 mM at 25 ◦C is the only exception). Similar to the
Na2CO3 solution, with the increased concentration, an increased Rf evidently indicates the formation of
a uniform and dense passivation film, which supplies a high barrier effect on the surface. Even though
the corrosion rate is fluctuant with the concentration, shown in the polarization curves, the corrosion
resistance is enhanced, showing an even larger value compared with Figure 5b. Hence, SiO3

2− promotes
the formation of a denser and more uniform passivation film compared with CO3

2−. However, the
effects of temperature on the corrosion current density are also dependent on the concentration, similar
to the results from the polarization curves. The formation of the passivation film competes with the
active Cl−, so the corrosion resistance is dependent on the synergetic effect. The synergetic effects of
CO3

2−/SiO3
2− and Cl− contribute to a dynamic process in the electrochemical reactions, leading to

repeated passivation–dissolution processes for the formation of the passivation film.

3.3. Corrosion Rate Obtained from Immersion Tests

In order to investigate the corrosion rate of iron samples, immersion tests were carried out in
simulated groundwater with the addition of 20 mM ions. After four weeks of exposure, the corrosion
products were removed by a mixed solution of 500 mL HCl, 500 mL deionized H2O and 10 g C6H12N4.
The visual appearances of the corroded samples’ surfaces are shown in Figure 6. The surfaces after
immersion in the SG solution and the SG + CaCl2 solution are completely covered with a thick layer of
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corrosion products. In the SG + Na2CO3 solution, the surfaces are partially covered with corrosion
products, mainly located at the side and edge of the samples. Besides corrosion products, other parts
of the surfaces are not corroded. However, the visual appearances of the surfaces after immersion in
the SG + Na2CO3 solution are quite different, showing barely an iron matrix covered by a thin layer of
passivation film.

 

Figure 6. Visual appearance of iron after four weeks immersion in 20 mM SG and SG + CaCl2/
Na2CO3/Na2SiO3 solutions.

The corrosion rate of the iron samples after the immersion test was calculated by the weight loss
method. The calculation formula of the corrosion rate is as follows [31]:

CR (mm/y) =
87600× (M−M1)

S× T× ρ (1)

where CR represents the corrosion rate (mm/y, corrosion depth per year), M represents the weight of
the sample before immersion (g), M1 represents the weight of the sample after four weeks of immersion
(g), S represents the total surface area of the sample (cm2), T represents the immersion period (H) and
d represents the density of the sample (g/m3). The results are expressed as an average corrosion rate,
which was calculated by two samples.

The weight loss corrosion rates of the pure iron in different simulated groundwaters are compared
in Figure 7. It seems that the general corrosion rates of iron in the SG/SG +CaCl2/SG +Na2CO3 solution
are much higher than that in the SG +Na2SiO3 solution, consistent with the electrochemical results.
In the SG + CaCl2 solution, the corrosion rates increased with the increased temperature, showing
an accelerated corrosion activity of iron. In the SG +Na2CO3/Na2SiO3 solution, the corrosion rates
are also fluctuant with the increased temperature. In agreement with the electrochemical results, it is
indicated that Cl− competes with the passivation film, contributing synergetic effects to the corrosion
rate. The corrosion rates of iron with the addition of Na2SiO3 at 25 and 60 ◦C are approximately zero,
which indicates that the barrier effects of the passivation film largely protect the iron matrix.
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Figure 7. Weight loss corrosion rates of iron after immersion tests in different simulated groundwaters.

3.4. Characterization of Corrosion Products and Passivation Film

In order to analyze the morphology and composition of the corrosion products and passivation film,
SEM/EDS, CRM and XPS measurements were performed on the iron surfaces after the immersion tests.

Seen from Figure 8a–f, the characteristics of the corrosion products change with different ions and
temperatures in the SG and SG + CaCl2 solutions. In the SG solution, granular corrosion products are
partially distributed on the iron surface at 25 ◦C. Corrosion products gradually accumulate together,
and it was found that flower-like clusters appear with the increased temperature. In the SG + CaCl2
solution, a loose layer of corrosion products was found, consisting of flower-like and rod-like clusters.
With the increased temperature, the corrosion products clusters become larger and larger, showing a
distinguished lamellar structure.

 

Figure 8. Surface morphology of iron after 4 weeks immersion in 20 mM SG and SG + CaCl2/
Na2CO3/Na2SiO3 solutions (a–l).
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The morphology of the passivation film formed in the SG +Na2CO3/Na2SiO3 solution is displayed
in Figure 8g–l. Different from the formation of a large number of corrosion products in the SG and
SG + CaCl2 solutions, only a small amount of corrosion products are partially distributed on the iron
surface. With the increased temperature, the amount of corrosion products further decreases and
scratches on the iron surface could be observed, indicating the substrate is protected by a thin film of
the passivation layer.

When comparing the distribution of the corrosion products formed with the different ions, it
can be seen that adding CO3

2− and SiO3
2− significantly reduces the amount of corrosion products,

showing the characteristics of the passivation film. When comparing the different temperatures in
the SG and SG + CaCl2 solutions, it can be seen that the corrosion products clusters significantly
accumulated and grew in size, indicating that a high temperature will promote the electrochemical
reactions and accelerate the corrosion behavior of iron. However, with the increased temperature in
the SG + Na2CO3/Na2SiO3 solution, the increased barrier effect of the passivation film protects the
substrate, further reducing the amount of corrosion products.

The corresponding EDS analyses of the corrosion products are displayed in Figure 9. The corrosion
products formed in the SG and SG +CaCl2 solutions are composed of Fe and O, inferring different types
of iron oxide. Ca and C are also detected on the iron surface after immersion in the SG + CaCl2 solution.
Although Ca2+ may react with HCO3

− to form calcium-rich products, it seemed the products failed
to protect the iron surface due to the strong destroying ability of Cl−. In the SG +Na2CO3/Na2SiO3

solution, the main components of the passivation film are composed of Fe, O, C and Si. Carbonate-rich
and silicate-rich passivation films possibly form on the iron surface during electrochemical reactions,
which prevent the penetration of Cl−, resulting in a protective effect to lower the corrosion rate.

 

Figure 9. EDS analysis of iron after 4 weeks immersion in different simulated groundwaters. (a) SG
solution. (b) SG + 20 mM CaCl2; (c) SG + 20 mM Na2CO3; (d) SG + 20 mM Na2SiO3.

CRM measurements after the immersion tests were conducted to identify the distribution of the
corrosion products on the iron surfaces in the SG and SG + CaCl2 solutions. The Raman spectra in
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Figure 10 reveal that the formations of corrosion products are very similar without or with the addition
of CaCl2. In Figure 10a, it is obvious that the corrosion products mainly consist of lepidocrocite
(γ-FeOOH; associated with the bands at 248, 376, 525 and 644 cm−1) at 25 ◦C. When the temperature
increases to 40 and 60 ◦C, besides the formation of lepidocrocite, the corrosion products are mainly
composed of goethite (α-FeOOH; associated with the bands at 300, 379 and 533 cm−1) and maghemite
(γ-Fe2O3; associated with band at 716 cm−1) [32–34]. In the SG + CaCl2 solutions, Figure 10b
demonstrates a similar trend of corrosion products formation, which is mainly composed of γ-FeOOH,
α-FeOOH and γ-Fe2O3. However, the passivation film formed in the SG + Na2CO3/Na2SiO3 solution
is too thin to be detected by the CRM measurements.

Figure 10. Raman spectra obtained on iron surfaces after 4 weeks immersion in the SG (a) and
SG + 20 mM CaCl2 (b) solutions.

High-resolution XPS spectra were performed to achieve detailed information about the passivation
films formed in the SG + Na2CO3/Na2SiO3 solution. From the patterns shown in Figure 11a, the C 1s
core levels were deconvoluted into three different components of C-C (284.8 eV), C-O-C (285.7 eV) and
O-C=O (289.1 eV) bonds, indicating the possible existence of CO3

2− and CO2 [35]. The Si 2p core levels,
shown in Figure 11b, were deconvoluted into two different components. The component with a binding
energy around 102.6 eV is reported for silicon bonded to oxygen in the silica compound (SiO2), where
the component with a lower binding energy (101.9 eV) is assigned to the silicate-based species [36,37].
The formation of SiO2 is attributed to the oxidation of Si in the iron substrate. The silicate content
is significantly higher for the passivation film formed in the SG + Na2CO3 solution, whereas SiO2

predominates for the film formed in the SG +Na2SiO3 solution. From Figure 11c, the complex Fe2p
core level structure is composed of three components. Two pronounced satellite peaks with a binding
energy around 711.4 and 725.0 eV correspond to nonstoichiometric FeOOH and Fe2O3, respectively,
which is possibly connected to the small amount of corrosion products (Figure 8g,j). Another weak
satellite peak at 720.0 eV is assigned to the Fe3+ species [36,38], indicating the possible existence of
ferric carbonate and silicate. The O 1s spectra (Figure 11d) can be deconvoluted into two components
of SiO2 (531.6 eV) and Fe-O bonds (530.3 eV) [38]. Based on the XPS information, it is evident that the
passivation film formed in SG +Na2CO3/Na2SiO3 is mainly composed of SiO2, ferric carbonate and
silicate, where ferric silicate is dominant with the addition of SiO3

2−.
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Figure 11. XPS spectra obtained on iron surfaces after 4 weeks immersion in the SG + 20 mM
Na2CO3/Na2SiO3 solution. (a) C 1s; (b) Si 2p; (c) Fe 2p; (d) O 1s.

3.5. Mechanism of Corrosion Behavior of Iron in Simulated Groundwater

The mechanism of the corrosion behavior of iron in simulated groundwater is elucidated in
Figure 12. The effects of different ions and temperatures on the corrosion behavior are discussed based
on the electrochemical results, weight loss corrosion rates and surface characterization.

Seen from Figure 12a,b, both the SG and SG + CaCl2 solutions contain active Cl−, which easily
destroys the protective oxide film formed on the iron surface and triggers the dissolution of iron,
further accelerating the electrochemical corrosion processes. The corrosion products formed on the
iron surface mainly consist of γ-FeOOH, α-FeOOH and γ-Fe2O3. The increased concentration and
temperature accelerate the activity of Cl− and promote the dissolution of the corrosion products,
leading to the increase in the corrosion rate. Although Ca2+ may react with OH− to form calcium-rich
products, it seems the products are easily destroyed by Cl−. Hence, the effects of Ca2+ on the corrosion
behavior of iron is negligible, however, the enhanced effects of chloride ions with temperature lead to
more severe corrosion.

In summary, the anodic and cathodic reactions during the corrosion process of pure iron in the
anoxic SG and SG + CaCl2 solutions occurred as follows [23,24,39]:

Anodic reaction:
Fe −→ Fe2+ + 2e− (2)

Cathodic reaction:
2H2O + 2e− −→ 2OH− + H2 (3)

Overall reactions:
Fe + 2H2O −→ Fe(OH)2 + H2 (4)
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2Fe + 3H2O −→ Fe2O3 + 3H2 (5)

2Fe(OH)2 + 2H2O −→ 2Fe(OH)3 + H2 (6)

Fe(OH)3 −→ FeOOH + H2O (7)

Ca2+ + 2OH− −→ Ca(OH)2 (8)

In the SG + Na2CO3/Na2SiO3 solution, shown in Figure 12c,d, additional CO3
2− and SiO3

2− play
important roles in the formation of the passivation film, reducing the formation of corrosion products
on the iron surface with the increased concentration. However, the effects of temperature on the
corrosion rates are not consistent. Generally, in the low-concentration solution, Cl− plays important
roles in enhancing the corrosion activity, so the corrosion rates increase with the increased temperature.
A uniform passivation film gradually forms with the increased concentration of CO3

2− and SiO3
2−,

composed of protective SiO2, ferric carbonate and silicate. In the high-concentration solution, on one
hand, the passivation film plays an important role in enhancing the barrier effects. On the other hand,
Cl− accelerates the dissolution processes with the increased temperature. The synergistic effects lead
to repeated passivation–dissolution processes in the formation of the passivation film, leading to a
fluctuant corrosion rate varying with the temperature.

Figure 12. The mechanistic scheme of corrosion behavior of iron in simulated groundwaters. (a) SG;
(b) SG + CaCl2; (c) SG + Na2CO3; (d) SG + Na2SiO3.

In summary, the anodic and cathodic reactions during the corrosion process of pure iron in the
anoxic SG + Na2CO3/Na2SiO3 solution occurred as follows:

Anodic reaction [23,40]:
Fe −→ Fe2+ + 2e− (9)

Cathodic reaction:
2H2O + 2e− −→ 2OH− + H2 (10)
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Overall reactions:
Fe2+ + CO2−

3 −→ FeCO3 (11)

2Fe2+ + SiO2−
3 + 2OH− −→ Fe2SiO4 + H2O (12)

5Fe2+ + 2Fe3+ + SiO2−
3 + 14OH− −→ Fe7SiO10 + 7H2O (13)

Hence, the effects of CO2−
3 and SiO2−

3 are beneficial to form a passivation film in anoxic simulated
groundwater. In the Na2SiO3 solution, the formation of ferric silicate predominates, resulting in
a more uniform and denser passivation film compared with that formed in the Na2CO3 solution.
The penetration of Cl− is largely prevented, improving the protective effects of the iron surfaces.

4. Conclusions

The effects of Ca2+, CO3
2− and SiO3

2− on the corrosion behavior of pure iron in SG solutions were
investigated by varying the concentration of added ions and reaction temperatures. The conclusions
are as follows:

1. The corrosion rate of pure iron in the SG + CaCl2 solution increases with the increasing
concentration and temperature. The effects of Ca2− on the corrosion behavior of iron is negligible,
however, Cl− plays important roles in the corrosion processes. The increased concentration and
temperature accelerate the activity of Cl− and promote the dissolution of corrosion products,
leading to more severe corrosion behavior. The formation of the corrosion products is mainly
consisted of γ-FeOOH, α-FeOOH and γ-Fe2O3 in the SG and SG + CaCl2 solutions;

2. The corrosion resistance of iron is largely improved by adding CO3
2− and SiO3

2− in the SG
+ Na2CO3/Na2SiO3 solution. A uniform passivation film gradually forms with the increased
concentration, playing important roles in increasing the barrier effects of the iron surface and
decreasing the formation of corrosion products. The passivation film is mainly composed of SiO2,
ferric carbonate and silicate;

3. The effects of temperature on the corrosion behavior of iron in the SG +Na2CO3/Na2SiO3 solution
are not consistent. Cl− is dominant in enhancing the corrosion activity in the low-concentration
solution, so the corrosion rates increase with the increased temperature. In the high-concentration
solution, the synergistic effects of CO3

2−/SiO3
2− and Cl− contribute to the synergistic effects in

the formation of the passivation film, leading to the cycles of passivation–dissolution processes.
Hence, the corrosion rates are fluctuant with the varying temperature;

4. The effects of CO3
2− and SiO3

2− are beneficial to iron in simulated groundwater. The formation
of ferric silicate is dominant with the addition of SiO3

2−, resulting in a more uniform and denser
passivation film than the film formed with the addition of CO3

2−. The penetration of Cl− is
effectively prevented and the corrosion resistance of iron is largely improved.
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Abstract: Cathodic protection (CP), in combination with an insulating coating, is a preventative
system to control corrosion of buried carbon steel pipes. The corrosion protection of coating defects
is achieved by means of a cathodic polarization below the protection potential, namely −0.85 V vs.
CSE (CSE, copper-copper sulfate reference electrode) for carbon steel in aerated soil. The presence of
alternating current (AC) interference, induced by high-voltage power lines (HVPL) or AC-electrified
railways, may represent a corrosion threat for coated carbon steel structures, although the potential
protection criterion is matched. Nowadays, the protection criteria in the presence of AC, as well as
AC corrosion mechanisms in CP condition, are still controversial and discussed. This paper deals
with a narrative literature review, which includes selected journal articles, conference proceedings
and grey literature, on the assessment, acceptable criteria and corrosion mechanism of carbon steel
structures in CP condition with AC interference. The study shows that the assessment of AC corrosion
likelihood should be based on the measurement of AC and DC (direct current) related parameters,
namely AC voltage, AC and DC densities and potential measurements. Threshold values of the
mentioned parameters are discussed. Overprotection (EIR-free < −1.2 V vs. CSE) is the most dangerous
condition in the presence of AC: the combination of strong alkalization close to the coating defect
due to the high CP current density and the action of AC interference provokes localized corrosion of
carbon steel.

Keywords: alternating current; cathodic protection; carbon steel; pipeline; AC interference corrosion;
AC corrosion assessment; protection criteria; corrosion mechanism

1. Introduction

Cathodic protection (CP), in combination with an insulating coating, is a well-known
electrochemical technique that reduces (or halts) the external corrosion rate of buried carbon steel
pipes used to transport liquid or gas. In CP condition, the corrosion rate is reduced below 0.01 mm·a−1,
which is the maximum acceptable value fixed by CP standards [1,2]. Carbon steel in aerated soil, i.e.,
where oxygen reduction is the controlling cathodic process, operates in CP condition if the IR-free
potential (excluding the ohmic drop contribution in soil) is more negative than −0.85 V vs. CSE
(Cu/CuSO4 reference electrode, +0.318 V vs. standard hydrogen electrode, SHE) [1,2].

The presence of alternating current (AC) interference on buried pipelines in free corrosion or
under CP condition can lead to severe localized corrosion through the pipe thickness. In the case
of AC interference, the sources of electrical disturbance are the high-voltage power lines (HVPL) or
the AC-electrified railways (fed by a high voltage line at 50 or 60 Hz), the receptor is the pipeline
that runs parallel to the interference source and the coupling mechanism occurs mainly via a resistive
(or conductive) and inductive (or electromagnetic) mechanism [3].
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The resistive coupling is primarily a concern when there is a fault or an unbalanced condition
on the power line and large currents and voltages are conveyed to the earth during the HVPL short
circuit. Although the interference time is short, it represents a hazard to the operators and to the
buried pipe corresponding to the coating defects. The inductive coupling occurs when AC flowing
in phase wires produces an electromagnetic field inducing alternating currents and voltages to the
pipeline, which shares the way with the power line. The induced AC voltage depends on the length of
parallelism with the power line, and it is inversely proportional to the distance between the HVPL and
the pipeline; the AC density, i.e., the current for unit surface, is a function of AC voltage, the coating
defect dimension and soil resistivity.

Nowadays, there is agreement that corrosion induced by AC interference can occur even on
carbon steel structures that fully respect the CP criterion and that AC corrosion is less than that
provoked by the equivalent direct current, i.e., considering the same current density. In the presence of
AC interference, the CP criteria reported by international standards [1,2] are not sufficient to prove
that steel is protected from corrosion. In the past 50 years, great effort has been made in order to
propose criteria to assess AC corrosion likelihood and to understand the mechanism by which AC
causes corrosion. This effort brought about the international standard ISO 18086 (Corrosion of metals
and alloys—Determination of AC corrosion—Protection criteria) [4] that replaced in 2017 the EN
15280 standard (Evaluation of a.c. corrosion likelihood of buried pipelines applicable to cathodically
protected pipelines). The ISO 18086 standard provides monitoring procedures, mitigation measures
and information to deal with long-term AC interference. Nevertheless, some aspects related to the
phenomenon were not fully understood and the protection criteria as well as the corrosion mechanism
have been debated for a long time.

This paper deals with a narrative literature review, which includes a deep analysis of the AC
corrosion phenomenon, in particular the assessment of AC interference, and the evaluation of AC
corrosion likelihood and interference levels, the corrosion mechanism.

2. Assessment of AC Corrosion Likelihood

The assessment of AC interference likelihood on a buried pipeline should include several
parameters related to both the interference source and the interfered structure. During the design phase,
the evaluation of AC interference on a buried structure can be carried out by mathematical/electrical
modelling, e.g., according to EN 50443 (Effects of electromagnetic interference on pipelines caused by
high voltage AC electric traction systems and/or high voltage AC power supply systems) [5] or IEEE
Guide for Safety in AC Substation Grounding [6]. These approaches aim to evaluate the tolerable AC
voltage based on parameters, such as the electrical configuration of the AC power line, the distance
between the AC source (power line or traction system) and the pipeline, the insulation properties of
the coating as well as soil resistivity. In the case of existing structures, field measurements can be used
as an alternative to calculation. According to calculations or field measurements, relevant mitigation
measures should be installed to decrease the AC corrosion probability. Nevertheless, not only electrical
parameters are involved in the AC corrosion mechanism and an electrochemical approach is required
for an understanding of the mechanism, in particular in the presence of cathodic protection.

According to ISO 18086 [4], the assessment of AC corrosion should be performed by evaluation of
some or all of the following parameters:

• AC voltage, VAC;
• AC density, iAC;
• DC density, iDC;
• AC/DC densities ratio, iAC/iDC;
• DC potential (IR-free potential, EIR-free, and ON potential, EON);
• Soil resistivity, ρ.

108



Materials 2020, 13, 2158

2.1. AC Voltage

The measurement of the AC voltage, VAC, on a pipeline is carried out with respect to a reference
electrode located at remote position, i.e., where the AC voltage gradient does not change and is close
to zero. The AC voltage gradient is measured by means of two-reference electrodes spaced 1 to 5 m
transverse to the pipeline.

According to [4], acceptable AC voltages on the pipeline in CP condition are lower than 15 V
r.m.s. measured as an average over a representative time (e.g., 24 h). According to NACE SP0177
(Mitigation of Alternating Current and Lightning Effects on Metallic Structures and Corrosion Control
Systems) [7], the maximum AC voltage is set at 15 V with respect to local earth (approximately 1 m);
this threshold is mostly driven by safety considerations (shock hazard).

In a recent work, Tang et al. [8] investigate the effects of several parameters on the electric
field distribution of AC interference, such as the unbalanced current magnitude, soil and coating
resistivity and the distance between the power line and the pipeline. By means of numerical simulation,
the authors conclude that the reference electrode should be placed farther from the pipeline route with
the increase of mitigation wire length, soil resistivity and the distance between the power line and the
structure; conversely, the earth remote position is closer to the pipe by increasing coating resistivity if
mitigation is applied [8].

2.2. AC Density

AC and DC densities on a coating defect control both the AC interference and the CP level,
respectively. Contrary to the AC voltage measurement, the AC density, iAC, cannot be readily
determined. The numerical approach considers the calculation of AC density from the AC voltage,
the soil resistance, ρ, and the diameter, φ, of a circular coating defect, according to the following
equation, as reported in [8–12]:

iAC =
8 ·VAC

ρ ·π ·φ (1)

Considering a maximum AC voltage of 15 V measured on a circular coating defect of 1 cm2

and a medium soil resistivity of 100 Ω·m, the expected AC density threshold is about 30 A·m−2.
Nevertheless, this calculation is generally not possible since the coating defect area is not known.
Moreover, the application of CP can significantly change the electrolyte composition in proximity to
the coating defect and consequently the local soil resistivity. The formula is valid when the coating
defect size is larger than the coating thickness, although rigorous calculations are available [13].
The current density can only be estimated by means of coupons or probes. According to ISO 18086 [4],
the measurement of AC density has to be carried out on a 1 cm2 coupon surface area connected to
the structure.

The definition of a critical threshold of AC density over which AC corrosion could occur is still
controversial and large data variability is found. Compared to DC interference corrosion, AC corrosion
of carbon steel is lower considering the same current density. Since the sixties of the last century [14,15],
the effect of AC density was determined in terms of “equivalent DC density”, defined as the percent
ratio of the weight loss caused by AC to the expected weight loss due to the same DC density.
The values of equivalent DC density are in the range between 0.1% and 0.3% with AC density up to
600 A·m−2 [14,15]. Using laboratory tests on carbon steel in soil-simulating solution (1200 mg·dm−3

sulphates, 200 mg·dm−3 chlorides), Goidanich et al. [16] reported that AC corrosion efficiency (defined
similarly to the “equivalent DC density”) is lower than 1% when AC density ranges from 50 to
500 A·m−2, but it increases up to 4% for AC density lower than 50 A·m−2 (Figure 1). In 2010, Fu and
Cheng [17] reported comparable results.
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(a) (b) 
Figure 1. Weight loss tests on carbon steel in free corrosion condition exposed to a soil-simulating
solution: (a) corrosion rates vs. AC density (iAC) and (b) AC corrosion efficiency vs. AC density (iAC)
as reported by Goidanich et al. [16].

Gummow et al. [18] stated that the corrosion rate increases with increased AC density greater than
20 A·m−2 and becomes significant at AC densities greater than 100 A·m−2, regardless of the magnitude
of CP density. Based on laboratory tests, Pourbaix et al. [19] reported that AC corrosion is associated
with the IR-free potential oscillation during interference but it is not related to a critical value of the
AC density. As reported by Yunovich and Thompson [20], steel corrosion can significantly increase in
the presence of 20 A·m−2 AC density: the measured corrosion rate at 20 A·m−2 AC density is nearly
two times higher than that of the control specimen in free corrosion condition and decreases with the
application of CP. This last consideration introduces the need of the additional consideration of the
cathodic DC density.

2.3. AC/DC Current Density Ratio

For carbon steel structures under CP conditions, AC corrosion likelihood should be evaluated also
considering the level of DC polarization, by means of the IR-free potential or DC density. The latter
can be measured by means of a corrosion coupon or probes with a known surface area, e.g., 1 cm2.
In order to assess AC corrosion conditions, it is better to refer to the AC density-DC density ratio
(iAC/iDC), which is dimensionless. Nevertheless, use of only the iAC/iDC ratio could be misleading in the
assessment of AC corrosion likelihood, i.e., different AC corrosion conditions can be represented by the
same iAC/iDC ratio. For instance, an iAC/iDC ratio equals to 10 results from an interference condition of
30 A·m−2 AC density in the presence of 3 A·m−2 DC density or 3 A·m−2 AC density with 0.3 A·m−2 DC
density. Although the ratio between the current densities is equal in the two conditions, they represent
a different corrosion risk, i.e., 3 A·m−2 AC density is not recognized as a threat, dissimilarly from
30 A·m−2. As discussed in Paragraph 3, several authors [21–27] investigated the effect of iAC/iDC

ratio on corrosion rate, proposing different threshold limits. ISO 18086 standard [4] reports that AC
corrosion can be mitigated by maintaining the iAC/iDC ratio less than 3 over a representative time (e.g.,
24 h) and it is valid for DC density greater than 10 A·m−2 (severe over-protection condition) and AC
density over 30 A·m−2.

2.4. AC Frequency

There is full agreement that the corrosion rate decreases by increasing the frequency of the
AC signal. The effect of frequency has been investigated on mild steel, nickel and copper-nickel
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alloys [28–35]. AC can cause severe corrosion at the industrial frequencies of 50 or 60 Hz, while the
effect decreases at frequencies higher than 150 Hz.

Fernandes et al. [28] and the other authors [29–32] proposed a kinetic interpretation: by increasing
the frequency, the time between the anodic and cathodic half-cycles becomes shorter and the metallic
ions dissolved during the anodic period would be available for the subsequent deposition in the
cathodic cycle.

Guo et al. [34,35] reported that at an AC density of 50 A·m−2, the corrosion rate of X60 steel
decreases from 1.2 mm·a−1 at 10 Hz frequency to about 0.6 mm·a−1 at 50 Hz. In parallel, the free
corrosion potential increases to about 50 mV. Yunovich and Thompson [36] proposed an electrical
circuit in order to simulate the behavior of a steel specimen exposed to soil varying the frequency of
the AC signal. The model shows that the corrosion current in the circuit decreases with increasing
frequency and is approximately 0.3% of the total current at 60 Hz frequency, in agreement with the
results using weight loss tests, as reported in Figure 1.

2.5. Soil Resistivity and Chemical Composition

According to Equation (1), the AC density corresponding to a coating defect depends on the
alternating voltage and on the spread resistance, which is the ohmic resistance through a coating defect
(or a corrosion coupon) to earth. The ISO 18086 standard [4] reports an empirical relation between soil
resistivity and AC corrosion risk:

• ρ < 25 Ω·m: very high risk;
• 25 Ω·m < ρ < 100 Ω·m: high risk;
• 100 Ω·m < ρ < 300 Ω·m: medium risk;
• ρ > 300 Ω·m: low risk.

Soil resistivity close to a coating defect is significantly affected by the electrochemical reactions at
the metal-to-electrolyte interface, due to the application of the CP current. In CP condition, oxygen
reduction (O2 + 2H2O + 4e− → 4OH−) and, at lower potential, hydrogen evolution (2H+ + 2e− → H2),
cause a growth of alkalinity at the metal surface. The pH value can increase over 10 and up to 12–13
at very high cathodic current densities. The local soil chemical composition can play a crucial role
in the AC corrosion assessment, as documented in [27,37]. Earth-alkaline ions (as Ca2+ and Mg2+),
moved towards the metal surface by the CP electric field, form slightly soluble hydroxides; the pH
increase, shifting the carbonate-bicarbonate chemical equilibrium, favors the growth of a scale of
calcium and magnesium carbonate that increases the spread resistance. Otherwise, alkaline cations (as
Na+, K+ or Li+) form not-scaling hydroxides. Büchler et al. [37] reported a reduction of AC density
due to the growth of chalk layers on the surface in the presence of calcium ions.

Recently, Xiao et al. [27] reported that the spread resistance of a X70 steel specimen at constant
CP potential and different AC densities is higher in the presence of calcium and magnesium ions.
Moreover, the corrosion rate of the specimens exposed to higher content of Na+ was greater than that
in the presence of earth-alkaline ions at the same potential and AC density (100 A·m−2, 300 A·m−2).

2.6. Effect on DC Potential (Free Corrosion Condition)

2.6.1. Negative Shift of Potential

There is general agreement that the free corrosion potential of carbon steel, i.e., without cathodic
protection, decreases as the AC density increases. This has been documented from the sixties of the
last century. Bolzoni et al. [38] reported laboratory tests on the influence of AC interference on carbon
steel corrosion in free corrosion condition in different environments (sulfate and chloride aqueous
solutions, with or without oxygen, simulating soil conditions and seawater). AC was overlapped to
the specimens ranging from 10 to 6000 A·m−2. The free corrosion potential of carbon steel in chloride
and sulfate solutions decreases as AC density increases. At AC densities below 100 A·m−2, the DC
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potential variation was low (about 50 mV); above 100 A·m−2, the effect was higher (100–200 mV).
In chloride solutions, the DC potential variation is less significant at high AC density (higher than
1000 A·m−2). Results were confirmed in [39]: except for carbon steel in soil-simulating solution (1200
ppm SO4

2− (Na2SO4) + 200 ppm Cl− (CaCl2·2H2O) [16]), the corrosion potential of galvanized steel,
copper and carbon steel in different environmental conditions decreases with increasing AC density.
Authors investigated the effects of AC density on anodic and cathodic overvoltages: AC has a significant
effect on the kinetics parameters, with a decrease of overvoltages and increase of exchange current
density of anodic and cathodic processes [39,40]. Nevertheless, in these papers some inconsistencies
were observed between the experimental tests and the results expected from mathematical models
based on the asymmetry of anodic and cathodic reactions. Li et al. [41] and Wang et al. [42] have
measured a lowering of free corrosion potential on X70 and X80 carbon steel samples at various
AC densities in simulated soil solution and 3.5% sodium chloride solution. Potential shift in both
environments is about 0.2 V at 300 A·m−2 AC density. Moreover, authors investigated the kinetic
effect of AC interference on anodic and cathodic overvoltages, measuring a variation of anodic and
cathodic Tafel slope and their ratio in the presence of AC. Zhang et al. [43] proposed a nonlinear model
(an electrical equivalent model considering the anodic and cathodic reactions under activation control)
for the investigation of AC interference effect on corrosion potential and corrosion rate. Results show
that the expected variation of the free corrosion potential depends on the AC peak potential, as expected,
and on the ratio of the anodic and cathodic Tafel slope (r = βa/βc). When r = 1 (symmetry of anodic
and cathodic overvoltages), no DC potential variations are predicted by the model. For r > 1, a positive
(anodic) potential shift is expected, while for r < 1 the DC potential lowers as AC peak potential
increases. The latter covers the electrochemical condition of active carbon steel in soil or waters where
the cathodic processes (oxygen reduction and/or hydrogen evolution) have a higher Tafel slope than
that of steel dissolution. These data are consistent with the observations made in [44] and in previous
works [45–47].

2.6.2. Positive Shift of Potential

In 2012, He et al. [24] report that the average corrosion potential of X65 steel in loam soil moves to
more positive values by increasing AC density from 5 to 150 A·m−2. At 150 A·m−2, a positive shift of
about 200 mV has been measured with respect to the condition without interference. Xu et al. [48]
examined the effect of AC (60 Hz frequency) on 16Mn steel potential in a simulated soil solution by
means of real-time AC/DC signal acquisition. AC moves corrosion potential negatively at an AC
density lower than 400 A·m−2, while at higher AC density, the DC potential variation with respect to the
absence of AC interference is positive. In a recent work, Wu et al. [49] reported polarization curves of
X70 steel tested at AC densities up to 100 A·m−2 in simulated seawater. The presence of AC has a strong
effect on the polarization curves with a general shift toward higher current density and a positive
(anodic) variation of the zero-current potential, i.e., the free corrosion potential. Nevertheless, as the
AC density was raised from 10 to 100 A·m−2, the corrosion current density and the free corrosion
potential roughly remained constant.

2.7. Effect on DC Potential (Cathodic Protection Condition)

The potential measurement is affected by AC interference, even if CP is applied. Several authors
have investigated in the last decades the effect of AC on IR-free potential. Bolzoni et al. [38] investigated
the influence of AC interference on carbon steel in CP condition in different environments (sulfate
and chloride aqueous solutions, with or without oxygen). In the presence of cathodic polarization,
the potential trend depends on DC density: at 0.1 A·m−2, the DC potential is lowered after AC
application; conversely, at 1 and 10 A·m−2 DC density, the DC potential increases as the AC density
increases. In 2008 [50], and later in 2010 [23], Ormellese et al. reported the measurements of IR-free
potential of carbon steel specimens exposed for about four months to a soil-simulating solution. DC and
AC density were in the range 0.1–10 and 10–500 A·m−2, respectively. The increment of potential is not
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significant at 10 A·m−2 AC, while it is about 0.1 and 0.2 V at 100 and 200 A·m−2, respectively. The effect
of AC density on IR-free potential is more pronounced at high DC density [23].

Xu et al. [51,52] investigated the effects of AC on the CP potential reading of a 16Mn pipeline steel
in a simulated soil solution. At −0.85 V vs. SCE (maintained in a galvanostatic way, SCE—saturated
calomel electrode), AC moves DC potential negatively. Furthermore, the higher the AC density,
the more negative the DC potential is. Conversely at −1 V vs. SCE, AC shifts potential in the positive
direction. Similar observations were reported by Kuang et al. [53,54]: the DC potential of X65 steel in
near-neutral pH bicarbonate solution is shifted negatively by AC at −0.85 V vs. CSE, but positively
shifted by AC under the CP of −1 V vs. CSE (Figure 2). Nevertheless, differently to what can be
expected, the potential variation reported is higher at smaller AC density (Figure 2b). When the applied
CP level was −0.925 V vs. CSE (data not shown), the DC potential becomes more positive at low AC
densities of 10 and 50 A·m−2, while it decreases with 100 A·m−2 AC density. Recently, Wang et al. [55]
reported similar conclusions for X70 steel in near-neutral bicarbonate solution: at −0.775 V vs. SCE,
the DC potential is shifted negatively consequently to the application of AC, while at −0.95 V vs. SCE
and −1.2 V vs. SCE, an increase of DC potential is measured (Figure 3). In this case, the potential
variation is proportional to AC density.

(a) (b) 

Figure 2. Effect of AC density on DC potential of X65 steel in near-neutral pH bicarbonate solution in
cathodic protection condition: (a) −0.85 V vs. CSE, (b) −1 V vs. CSE [54].

(a) (b) 

Figure 3. Effect of AC density on DC potential of X70 steel in near-neutral pH bicarbonate solution in
cathodic protection condition: (a) −0.775 V vs. saturated calomel electrode (SCE) (−0.850 V vs. CSE)
(b) −0.95 V vs. SCE (−1.02 V vs. CSE). 1 mA·cm−2 corresponds to 10 A·m−2 [55].
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Generally, it can be concluded that there is good agreement on the increase of DC potential in the
presence of AC, although a negative shift is measured at small CP current density.

3. Acceptable AC Interference Levels—Protection Criteria

There is large agreement that corrosion can occur on AC interfered carbon steel structures that
fully match the CP potential criterion (E < Eprot) defined by ISO 15589-1 [2]. Much effort has been
made in the last decades in order to define acceptable AC interference levels for carbon steel under
CP condition. Kajiyama et al. [56–59] proposed a CP criterion based on the ratio between DC and
AC densities, measured by means of corrosion coupons. The criterion can be summarized as follows
(Figure 4):

• if 0.1 A·m−2 ≤ iDC < 1 A·m−2, then iAC/iDC < 25,
• if 1 A·m−2 ≤ iDC ≤ 20 A·m−2, then iAC < 70 A·m−2.

i

i

Figure 4. Acceptable AC interference levels based on current densities criterion according to
Kajiyama et al. (adapted from [56]).

Accordingly, the maximum AC density depends on the CP level: at higher DC densities (i.e.,
more negative potential), a higher AC density can be tolerated. Even if the criterion has been applied
successfully to some case studied [58], some authors recognized a greater AC corrosion risk at higher
DC density differently to this criterion, as discussed later. Moreover, this criterion does not consider
directly the value of the measured potential.

In 2012, He et al. [24] reported a similar approach based on current densities: the AC density
threshold increases linearly with CP current density. The criterion (Figure 5) suggests there is not
corrosion risk if iAC < 10 + 100·iDC (with iDC ≥ 0.01 A·m−2). Comparing the two criteria, the latter
(Figure 5) is less conservative at a DC density lower than 1 A·m−2 and does not take into account AC
corrosion at greater DC densities. For instance, at 0.1 A·m−2 DC density, the maximum allowed AC
density is 2.5 and 20 A·m−2, considering the corrosion criterion of Figures 4 and 5, respectively.
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i

i

Figure 5. Acceptable AC interference levels based on current densities criterion according to He et al.
(adapted from [24]).

The effect of potential has been investigated by Ormellese et al. in [50] and later in [23,26].
The authors propose corrosion maps based on corrosion rate data evaluated using a weight loss test of
carbon steel specimens exposed to a soil simulation environment, with varying AC interference and CP
levels. Two AC corrosion risk regions are defined, low and high, for corrosion rates lower or greater than
10 μm·a−1, respectively. Corrosion risk increases by increasing the iAC/iDC ratio (Figure 6a): corrosion
protection is achieved up to a maximum value of the iAC/iDC ratio, which decreases as the IR-free
potential becomes more negative. Differently from the criteria discussed previously, in overprotection
condition a few A·m−2 of AC density (ranging from 5 to 20 A·m−2, depending on potential) provokes
corrosion of overprotected carbon steel. The authors proposed the following criterion (Figure 6b):

• if 0.1 A·m−2 ≤ iDC < 1 A·m−2, then iAC < 30 A·m−2,
• if 1 A·m−2 ≤ iDC ≤ 10 A·m−2, then iAC < 10 A·m−2.

 
(a) (b) 

E

i /i

μ

μ

μ μ

Figure 6. AC corrosion protection criterion as proposed by Ormellese et al.: (a) AC corrosion risk
diagram based on IR-free potential and current densities ratio, (b) protection criterion based on AC
and DC (i.e., cathodic protection—CP) current densities.

The−0.85 V vs. CSE criterion is not always safe in the presence of AC interference; in overprotection
condition (EIR-free < −1.2 V vs. CSE), severe AC corrosion could occur.

Fu et al. [60] proposed a criterion based on both potential and current densities: potentials more
positive than −0.95 V vs. CSE are considered not safe in the presence of AC. The maximum acceptable
AC density increases as the potential becomes more negative: at −0.95 V vs. CSE, the maximum AC
density is 20 A·m−2, while at −1.05 V vs. CSE, the threshold increases up to 100 A·m−2.

Büchler in 2012 [61] and previously in 2009 [22] investigated new protection criteria based on
laboratory and field investigations. For current density average values measured by means of on-site
coupons, one of the criteria below must be met (Figure 7):

115



Materials 2020, 13, 2158

• iAC < 30 A·m−2;
• iDC < 1 A·m−2;
• iAC/iDC < 3.

Figure 7. Protection criterion based on AC and DC densities as proposed by Büchler [61]. The region
confined by the dotted lines corresponds to very severe AC corrosion and must be avoided.

Nevertheless, the author [61] stated that the measurement with coupons is fraught with problems,
since the obtained results are affected by coupon geometry and local soil conditions. The use of ON
potential, EON, and AC voltage (VAC, indicated by the authors as UAC) is therefore suggested (Figure 8).
For ON potential, one of the following criteria must be met:

• average VAC < 15 V and average EON more positive than −1.2 V vs. CSE;
• VAC < 3·(|EON| − 1.2) where EON is in V vs. CSE and EON < −1.2 V vs. CSE.

Figure 8. Protection criterion based on AC voltage and ON potential, as proposed by Büchler [61].
The region below the dotted lines corresponds to acceptable AC interference conditions.

In 2015, these efforts brought to the AC corrosion protection criteria of the ISO 18086 standard [4]
for buried carbon steel in CP condition:
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• As a first step, the AC voltage on the pipeline should be decreased below 15 V r.m.s. The AC
voltage is measured as an average over a representative time (e.g., 24 h) with respect to a reference
electrode located in remote position;

• As a second step, AC corrosion mitigation is achieved by matching the CP protection potentials
defined in ISO 15589-1 [2] and — maintaining the AC density (iAC) lower than 30 A·m−2 on a 1 cm2

coupon or probe over a representative time (e.g., 24 h), or — maintaining the average cathodic
current density lower than 1 A·m−2 on a 1 cm2 coupon or probe over a representative time (e.g.,
24 h), if AC density is higher than 30 A·m−2, or — maintaining the ratio between AC and DC
densities (iAC/iDC) less than 3 over a representative time (e.g., 24 h).

In Annex E (informative), the standard reports other criteria that have been used in the presence
of AC. These criteria have been derived from Büchler’s work [61] and are based on AC voltage,
ON potential and current densities, as discussed. The protection criteria reported in the ISO 18086
standard are shown in Figure 9.

 
(a) (b) 

i

i
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E

Figure 9. Graphical representation of the AC protection criteria reported on ISO 18086 [4]: (a) iAC vs.
iDC, (b) VAC vs. EON.

In 2018, Junker et al. [62] reported results of laboratory and field tests varying AC and DC levels
and soil chemistry. Both laboratory and field data confirmed very high AC corrosion rates under
excessive CP (> 1 A·m−2) and AC interference higher than 30 A·m−2. Moreover, they recognized in
the spread resistance of a coating defect a highly dynamic parameter under AC and DC influence.
The investigations illustrate that the chemical environment alters the AC and DC density limits for AC
corrosion, however the present limits of ISO 18086 constitute a safe strategy in most environments.

Figure 10 reports the AC corrosion rate measured on corrosion coupons with varying AC and
DC density, as reported by Nielsen [63]. Data are overlapped to the AC protection criteria reported in
ISO 18086.
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Figure 10. AC corrosion rate measured on corrosion coupons as reported by Nielsen [63]. Data are
compared with the AC protection criteria reported in ISO 18086.

It can be concluded that overprotection (namely EIR-free lowers than −1.2 V vs. CSE [2] or iDC >

1 A·m−2) is the most dangerous condition in the presence of AC interference. At “high” CP levels,
the maximum tolerable AC density is 30 A·m−2. Below 1 A·m−2 DC density, the AC corrosion likelihood
decreases. Nevertheless, some doubts are revealed regarding the inexistence of an AC density threshold
at “low” CP condition (iDC < 1 A·m−2).

4. AC Corrosion Mechanism

Numerous theories and models have been proposed on the AC corrosion mechanism of carbon
steel. Some models referring to carbon steel structures in free corrosion conditions as well as in the
presence of CP are discussed hereafter.

4.1. Effect of Anodic and Cathodic AC Half-Wave on Metal Dissolution

Büchler et al. [22,61] proposed a corrosion mechanism based on thermodynamic and kinetic
considerations on the reactions involved during AC interference on cathodically protected carbon steel.
When an AC voltage is present, current will flow through the coating defects exposed to soil. If the pH
value is sufficiently high (above 10, as in CP condition), during the anodic half-cycle, steel oxidation
occurs, promoting the formation of a passive film. During the cathodic half-wave, the passive film is
electrochemically destroyed and converted in porous rust. In the successive anodic cycle, the passive
film is reformed under the non-protective rust layer. Moreover, the Fe2+ present in the rust layer is
oxidized to Fe3+ (Fe2+→ Fe3+ + e−). In the subsequent cathodic cycle, the dissolution of the passive
film will increase the volume of porous rust. Hence, every AC cycle results in the oxidation of the metal
with a significant metal loss in the long term (Figure 11). A simplified description of this mechanism is
reported also in the ISO 18086 standard [4].
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Figure 11. Schematic representation of AC corrosion mechanism according to Büchler et al. [61].

4.2. The Alkalization Mechanism and the Effect of Spread Resistance

Nielsen et al. [64–66] proposed the “alkalization model” of AC-induced corrosion of carbon steel
under CP condition. The model is based on the combination of two effects: (1) the alkalization of the
metal-to-electrolyte interface of overprotected carbon steel, and (2) potential oscillations across the
immunity, the passive and the high-pH corrosion domain of the iron potential-pH diagram.

As known, the presence of a cathodic current on the metal surface under CP condition is beneficial
because it promotes the reduction (or zeroing) of the corrosion rate and the increase of alkalinity due
to the accumulation of hydroxyl ions (OH−) close to coating defect. The pH increase is proportional to
the cathodic current density and depends on the diffusion and electrical migration of ions towards
and from the metal surface. In overprotection condition, namely IR-free potential more negative than
−1.2 V vs. CSE, the high cathodic current density (in the order of a few A·m−2) can promote a significant
increase of pH up to 13 or higher. According to the Pourbaix diagram, at elevated pH the potential
oscillations caused by AC interference could lead to periodic entry in the high-pH corrosion region
with formation of dissolved HFeO2

− ions. The authors report the presence of an “incubation time”
defined as the period to reach a critical pH (close to 14) at the metal-to-soil interface, with a significant
lowering of the spread resistance and increase of AC density due to depolarization effects of the AC
(Figure 12). Then, potential oscillations could cause corrosion due to different time constants associated
to iron dissolution (fast) and the formation of a passive film (slower). Accordingly, AC corrosion of
carbon steel in CP condition cannot be reduced by adding a surplus of cathodic current, as in the case
of DC corrosion phenomena, but by avoiding high DC densities and the overprotection condition,
in agreement with the protection criteria of the ISO standard [4].

Coating defect

Figure 12. Schematic representation of the AC corrosion mechanism of carbon steel under CP condition,
as proposed by Nielsen et al. [63–66].

This “vicious circle” is supported by the data shown in Figure 13a–f [63], which illustrates
experimental results in a laboratory soil box environment in purified quartz sand. At a constant
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AC voltage (15 V), six different levels of CP (ON potential) were applied for some weeks to monitor
the corrosion rate of an electrical resistance probe and various electrical parameters. At a fixed AC
voltage, the corrosion rate depends strongly on the CP level (ON potential), and therefore, AC voltage
alone cannot be considered a valid indicator of AC corrosion risk. Despite the constant AC voltage,
the AC density varies from about 100 A·m−2 at low CP levels up to 500 A·m−2 at higher CP levels.
Figure 13e shows corrosion rate as a function of cathodic current density: the corrosion rate increases
with increasing CP current density, in agreement with the proposed mechanism. At the same time,
the spread resistance is strongly influenced by the DC density with the consequent increase of AC
density and corrosion rate (Figure 13f).

Figure 13. Example of corrosion rate vs. various electrical parameters, as reported by Nielsen [63].

The crucial role of soil chemical composition, pH and spread resistance was carefully investigated
by Junker et al. [62,67–69]. The spread resistance is identified as a key parameter, controlling the current
densities, and is highly influenced by the formation of calcareous deposits or corrosion products.
At high CP density, AC corrosion of an ER probe element is associated with strong alkalization of the
electrolyte and consequently dense calcareous deposit formation. The calcareous deposit dramatically
increases the spread resistance and reduces the AC and DC densities. Corrosion decreases, but only
as long as the calcareous deposit is stable and fully covering the surface. Due to brittle fracture or
a ‘flake of’ mechanism of the scale (probably provoked by hydrogen evolution at low potentials),
the spread resistance suddenly decreases, causing an increase of current densities and AC corrosion.
The cathodic reactions on the re-exposed probe surface will restart the alkalization and precipitation of
calcareous deposits and with time (days) the corrosion stops again. This causes a cyclic variation of
spread resistance, current densities and corrosion rate. The detailed chemical investigation of stone
hard soil formed on cathodically protected pipeline under AC interference is reported in [68].

The effect of spread resistance on AC corrosion has been also documented by Nielsen and
Cohn [70] with the help of an electrical equivalent circuit analysis that represents the impedances
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existing between the pipe and remote earth. AC and DC sources impose a DC and AC voltage on
the pipe: the simulated AC source is the HVTL (High Voltage Transmission Line), whereas the DC
source represents the CP system. The authors consider static and dynamic elements. Static elements,
namely spread resistance and charge transfer resistance, are defined as elements where impedance is
frequency independent. Conversely, dynamic elements are frequency dependent: these include the
double layer capacitance and diffusion elements. Because of the low impedance of the capacitance,
the spread resistance is the dominant impedance element at 50–60 Hz frequency and plays a key role
in controlling the AC corrosion process.

4.3. Effect of AC on Anodic and Cathodic Overvoltages

The increase of corrosion rate in the presence of AC has been explained by some authors using the
effect of AC on anodic and cathodic overvoltages [39,46,49,65,71,72]. Goidanich et al. [39] investigated
by means of laboratory tests the influence of AC on kinetic characteristics of carbon steel, galvanized
steel, copper and zinc under different experimental conditions. Results showed that AC has a significant
influence on kinetic parameters, such as Tafel slope and exchange current density, and on corrosion
and equilibrium potential. The authors proposed a “mixed” corrosion mechanism, with a general
decrease of overvoltages and increase of exchange current density in the presence of AC. This effect
could be related to the local rise in temperature, associated with high AC densities, as reported in [16].
In a recent work, Wu et al. [49] reported polarization curves of X70 steel tested with varying AC
densities (up to 100 A·m−2) in simulated seawater (Figure 14). AC shifts toward higher current density
in the polarization curves, promoting both the anodic and cathodic processes.

Figure 14. Polarization curves on X70 steel tested at various AC densities in simulated seawater [49].

As discussed previously, some authors [43–47] proposed theoretical models based on the
fundamental thermodynamic and kinetic laws of corrosion in order to investigate the effect of
AC interference on DC potential and corrosion rate. Accordingly, the sensitivity of the corroding
system is influenced by the ratio of the anodic-to-cathodic Tafel slope (r = βa/βc). The effect of r on DC
potential variation has already been discussed in Section 2.6. Considering a corrosion system under
activation control, Lalvani and Lin [45] proposed an analytical solution for the relationship between
corrosion rate and voltage peak amplitude. In a revised model [46], the authors introduced the effect
of the double layer capacity, without considering the resistance of the electrolyte. The model indicates
that corrosion current increases with voltage peak for all values of r, while the potential shift depends
strongly on the anodic and cathodic characteristic curves, i.e., on the ratio between the anodic and
cathodic Tafel slope. Potentiodynamic polarization curves were obtained using the revised model;
nevertheless, these approaches predict that corrosion current and corrosion potential are independent
of the frequency of the AC signal, differently to what is observed.
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The model was improved in 2008 [43,44]; the authors considered three elements in an electrical
equivalent circuit of a metal subjected to an induced AC voltage: the polarization impedance, the double
layer capacitance and the electrolyte resistance. The model shows that the corrosion current increases
as the frequency of the AC signal decreases (Figure 15a), in agreement with experimental observations,
and by increasing the peak potential. Moreover, the model shows that corrosion current increases by
decreasing the DC corrosion potential. For instance, by decreasing the DC corrosion potential from
−0.6 to −0.7 V vs. SCE at a peak potential of 1.25 V vs. SCE, the corrosion rate increases several orders
of magnitude (Figure 15b); an increase of DC corrosion potential from −0.2 to 0.0 V does not result in
a further reduction of corrosion current [43].

(a) (b) 

Figure 15. A nonlinear model for corrosion of metals subjected to AC corrosion [43]: (a) dimensionless
corrosion current vs. frequency, (b) dimensionless corrosion current vs. peak potential and DC
corrosion potential. Legend: Ecorr,DC = corrosion potential in the absence of AC (V vs. SCE); Ep = AC
peak potential (V vs. SCE); r = βa/βc.

Recently, Ibrahim et al. [73–75] proposed a theoretical approach (Part 1, 2, 3) to evaluate the effect
of double layer capacitance and electrolyte resistance on corrosion current density and potential shift.
The authors stated that corrosion rate enhancement is due to the faradaic rectification as a consequence
of the nonlinear current-potential relationship [73].

4.4. Breakdown of the Passive Film and High-pH Corrosion

Recently, Brenna et al. [76,77] proposed a two-step AC corrosion mechanism. In the first
step, AC causes the weakening of the passive film formed under CP condition on carbon steel,
due to electromechanical stresses. Electrostriction appears to be a convincing explanation of the
passive film breakdown mechanism, because of the presence of high alternating electric field (in the
order of 106 V· cm−1 [78]) across the passive film [77]. The effect of AC on passive condition has
been documented for carbon steel in alkaline solution or concrete and for stainless steel in neutral
solution [79–85]: AC causes localized corrosion of passive metals with a decrease of corrosion resistance.
Mechanical failure of the film can result from high electromechanical stresses (electrostriction pressure)
generated by the presence of an electric field across the film and by the interfacial tension, which is not
negligible as a result of the thin thickness of the oxide.

After film breakdown, high-pH chemical corrosion (i.e., potential independent) occurs in
the overprotection condition because of the high cathodic current density supplied to the metal.
According to the Pourbaix diagram of iron, high-pH corrosion can occur with formation of di-hypo
ferrite ions (HFeO2

−). This mechanism can also explain the unexpected corrosion of the metal below its
equilibrium potential. Indeed, CP electrons are involved in the cathodic process, which depends on the
potential assumed by the metal. Thus, below the equilibrium potential, the applied cathodic current
makes electrons available to the metal; therefore, no anodic electrochemical reactions can take place.
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Consequently, if no oxidation reaction takes place, such as iron ion production, this can occur only
through chemical corrosion, which is not potential dependent, or, in other words, is not influenced by
the electrons made available otherwise [86].

5. AC Corrosion Monitoring

According to ISO 18086 [4], AC voltage should be measured with respect to remote earth at
test posts during the general and detailed assessment of CP effectiveness, as defined in ISO 15589-1.
Additional measurements should be carried out at sites where AC corrosion risk is suspected, e.g.,
areas where the soil resistivity is low (lower than 25 Ω·m), areas with highest AC interference levels,
areas where AC corrosion has previously taken place and areas where local DC polarization conditions
can favor AC corrosion, as high levels of CP.

The measurement of AC and DC densities should be carried out by means of coupons or probes
installed in the same soil or backfill as the pipeline itself. The measurements with respect to the criteria
defined in ISO 18086 have to be carried out on a 1 cm2 coupon surface area. Coupon or probe currents
can be measured by the voltage drop across a series resistor; the value of the resistance should be
sufficiently low to avoid disturbance of the system. For field measurements, a typical value is 10 Ω for
a 1 cm2 coupon.

For corrosion rate measurements, weight loss measurements, perforation measurements or
electrical resistance (ER) measurements can be applied. Weight loss measurements require installation
of pre-weighed coupons. After some time of operation (months to years), the coupon is excavated and
weight loss rate is determined. The main drawback of this measurement is that the coupon provides
no information until the excavation. Perforation measurements are made on special perforation probes:
a signal is generated when the corrosion process has perforated the wall thickness of the coupon. In this
case, information about the maximum (localized) corrosion depth is available without excavating
the coupon; the primary disadvantage is that this information is not available until the coupon is
perforated. Electrical resistance measurements require the installation of electrical resistance probes
(ER probes). Corrosion is detected by the increase of the electrical resistance of the coupon when
corrosion progressively decreases its thickness [64,87,88].

6. Conclusions

This paper deals with a narrative literature review on AC corrosion assessment, protection criteria
and corrosion mechanisms for buried carbon steel structures in CP condition. Main conclusions can be
summarized as follows:

• The assessment of AC corrosion likelihood should be based on the measurement of AC and DC
related parameters. The AC interference level is evaluated by AC remote voltage and AC density,
while the CP level is assessed by DC density and potential measurements;

• AC and DC densities should be measured by means of a corrosion coupon (1 cm2 area) connected
to the structure in CP condition; IR-free potential is considered more accurate than ON potential,
because it does not contain the ohmic drop contribution in soil;

• There is general agreement that the DC potential of carbon steel in CP condition increases in the
presence of AC interference, although a negative shift is measured at small DC density. Conversely,
in free corrosion condition, i.e., without CP, the potential decreases as the AC density increases;

• Overprotection (namely EIR-free < −1.2 V vs. CSE) is the most dangerous condition in the
presence of AC interference. At “high” CP levels, the maximum tolerable AC density is 30 A·m−2.
Below 1 A·m−2 DC density, the AC corrosion likelihood decreases. Nevertheless, some doubts are
revealed regarding the inexistence of the criterion reported in the ISO 18086 standard of an AC
density threshold at “low” CP condition (iDC < 1 A·m−2);

• The higher AC corrosion likelihood at high CP levels could be explained by a corrosion mechanism
that involves both the AC and DC levels:
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◦ At high DC density, a strong alkalization of the electrolyte close to the coating defect occurs
with formation of a passive film and deposits (as a calcareous deposit) on carbon steel.
Soil chemical composition, pH and spread resistance at the coating defects seem to have
a crucial role, controlling the local AC and DC densities;

◦ AC interference provokes a weakening of the passive condition due to an effect on anodic
and cathodic overvoltages; moreover, the scale formed in CP condition is not stable in the
presence of AC due to potential oscillations that could break the protective layer;

◦ High-pH corrosion occurs with localized corrosion attacks; chemical corrosion (i.e., potential
independent) with formation of di-hypo ferrite ions (HFeO2

−) is a possible explanation for
the occurrence of corrosion at low potentials.
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Abstract: This study investigated the susceptibility to intergranular corrosion (IGC) in austenitic
stainless steel with various degrees of sensitization (DOSs) from a microstructural viewpoint based
on the coincidence site lattice (CSL) model. IGC testing was conducted using oxalic acid and type 304
stainless steel specimens with electrochemical potentiokinetic reactivation (EPR) ratios that varied
from 3 to 30%. As a measure of IGC susceptibility, the width of the corroded groove was used.
The relationship between IGC susceptibility, grain boundaries (GB) structure, and EPR ratio of the
specimens was evaluated. As a result, the IGC susceptibility cannot be characterized using the Σ
value, irrespective of the DOS of the specimen. The IGC susceptibility increases with increasing unit
cell area of CSL boundaries, which is a measure of the stability of the CSL boundaries, and then levels
off. The relationship between the IGC susceptibility and unit cell area is sigmoidal, irrespective of the
DOS of the specimen. The sigmoid curve shifts rightward and the upper bound of IGC susceptibility
decreases with decreasing DOS of the specimen.

Keywords: intergranular corrosion; sensitization; austenitic stainless steel; grain boundary; grain
boundary structure

1. Introduction

Austenitic stainless steel exhibits superior mechanical properties and corrosion resistance to
aqueous, gaseous, and high-temperature environments, and hence is used for pipes in chemical plants
and coolant pipes in light water reactors. Machines and structures made of steel are usually assembled
by welding, and it is well-known that sensitization of stainless steel occurs during welding. At high
temperature, precipitation of chromium carbide at grain boundaries (GBs) occurs in stainless steel,
which forms chromium depletion zones in the vicinity of the GBs, resulting in a loss of resistance to
intergranular corrosion (IGC) and intergranular stress corrosion cracking [1].

In an effort to improve the resistance of stainless steel to IGC, the IGC susceptibility has been
investigated from electrochemical and microstructural viewpoints. Xin et al. [2] investigated the IGC
susceptibility in TIG-welded 316LN stainless steel by the double-loop electrochemical potentiokinetic
reactivation (DL-EPR) technique, and found that a welded area exhibits a slight IGC susceptibility,
although the base metal exhibits superior IGC resistance. These results indicate that chromium
depletion zones were formed near GBs during welding and the IGC resistance decreased even in
high-corrosion resistant 316LN stainless steel. Aquino et al. [3] demonstrated the same results for
the effect of welding on IGC susceptibility in supermartensitic stainless steel. Iacoviello et al. [4]
and Morshed-Behbahani et al. [5] investigated the influence of the heat treatment period on IGC
susceptibility in stainless steel using the DL-EPR technique and found that the formation zone of
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chromium carbide precipitation followed by chromium depletion depends on the heat treatment
period, resulting in a change in corrosion behavior. Suresh et al. [6] discussed the IGC resistance
of type 304L stainless steel in simulated groundwater based on the carbon content in the steel.
They found that high-angle GBs in 304L stainless steel containing more than 0.02% carbon exhibited
high IGC susceptibility.

From a microstructural/crystallographic viewpoint, atomic force microscopy (AFM), scanning
transmission electron microscopy (STEM), and electron backscattered diffraction (EBSD) techniques
have been used to examine the formation of chromium carbide precipitation followed by chromium
depletion, and the susceptibility of GBs to IGC. Murr and coworkers [7–12] conducted comprehensive
studies on the effects of GB misorientation, carbon content, deformation, etc., on the formation
behavior of chromium carbide precipitation at GBs in austenitic stainless steel. Liu et al. [13] examined
the geometry of corroded grooves via AFM and discussed the relationship between the degree of
sensitization (DOS) and the width and depth of the grooves. Bruemmer et al. [14] investigated
chromium depletion zones at GBs by energy dispersive X-ray spectroscopy in a TEM and discussed
the relationship between the DOS and chromium-depleted zone size. Bi et al. [15] examined the
relationship between chromium depletion formation sites and GB structure and found that chromium
depletion did not tend to occur at low-energy GBs. Note that GBs have been classified based on their
misorientation, namely the difference in crystallographic orientation between adjacent two grains,
and the Σ value based on the coincidence site lattice (CSL) model [16]. Srinivasan et al. [17] and
Qi et al. [18] discussed the relationship between IGC susceptibility and microstructural features such
as grain size, GB structure, and microscopic plastic strain. An et al. [19] investigated the relationship
between IGC behavior and GB structure measured by 3D-orientation microscopy consisting of EBSD
and serial sectioning techniques, and classified the GB structure into GBs with high and low IGC
resistance based on the GB structure. Recently, Haruna et al. [20] pointed out that it is insufficient to
characterize the IGC susceptibility of Σ3 boundaries in sensitized austenitic stainless steel determined
by EBSD analysis. Fujii et al. [21] also concluded the same result and proposed a parameter (the unit
cell area of CSL boundaries) reasonably to characterize the susceptibility of CSL boundaries to IGC.
Note that the unit cell area will be explained in Section 2.2 in detail. Figure 1a,b shows the relationships
between IGC susceptibility (IGC width) and Σ value and between IGC susceptibility and the unit cell
area, respectively. Although the relationship between IGC susceptibility and Σ value exhibited large
scatter, the relationship between IGC susceptibility and unit cell area was characterized by a sigmoid
curve. The unit cell area is determined based solely on the arrangement of atoms at CSL boundaries,
and it is expected that the area is a simple measure that can characterize the IGC susceptibility of CSL
boundaries. However, while they demonstrated the IGC susceptibility of type 304 stainless steel with
one level of DOS, the applicability of the technique to other DOSs remained to be clarified.

  
(a) (b) 

Figure 1. Intergranular corrosion (IGC) susceptibility of grain boundaries (GBs) in sensitized stainless
steel (electrochemical potentiokinetic reactivation (EPR) ratio of 29.3%) [21]. (a) IGC width as a function
of Σ value; (b) IGC width as a function of the area of unit cell of coincidence site lattice (CSL) boundaries.
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This study aims to elucidate the susceptibility of GBs to IGC in type 304 austenitic stainless
steel specimens with various DOSs. IGC testing was conducted under a constant current in oxalic
acid, and then a corroded groove formed at the GBs was observed. The crystal orientations of the
steel were analyzed via EBSD, and the relationships between the groove size and crystallographic
parameters, such as the misorientation, Σ value, and unit cell area of CSL boundaries, were investigated.
Especially, the applicability of the evaluation technique using the unit cell area was examined focusing
on CSL boundaries.

2. Experimental

This section outlines the procedures of specimen preparation and IGC testing used in this study.
These procedures are similar to those used in our previous study [21]. See the previous study for
details on the testing procedures.

2.1. Material

Type 304 austenitic stainless steel was used. Table 1 shows the chemical composition of the steel
used. The steel was heated at 1100 ◦C for 1 h for solutionizing. The average grain diameter of the steel
was 119 μm, measured based on Japanese Industry Standard (JIS) G 0551.

Table 1. Chemical composition of type 304 austenitic stainless steel (mass %).

C Si Mn P S Ni Cr Fe

0.06 0.47 0.87 0.03 0.003 8.05 18.16 Bal.

Specimens of 14 × 14 × 5 mm were machined from heat-treated bulk material, as shown in Figure 2.
To change the DOS of the specimens, additional heat treatments were applied to the solutionized steel.
Figure 3 shows the heating schedule (700 ◦C for 2 h and 500 ◦C for 24 h, furnace cooling) used in the
previous studies [21–26]. The electrochemical potentiokinetic reactivation (EPR) ratio of the steel after
the full heating schedule as a measure of DOS was 29.3%, measured by the EPR technique (JIS G 0580).
In this study, the heating schedule was terminated after various heating periods to decrease the EPR
ratio of the specimen. After terminating the heating schedule, each specimen was furnace-cooled.
The EPR ratios of the heat-treated specimens are shown in Figure 3, demonstrating that the EPR ratio
was lower for a shorter heating time.

 

Figure 2. Dimensions of specimens (in units of mm) and preparation for corrosion testing.

After the heat treatment, the surface of each specimen was ground with emery paper up to grade
#2000 and polished with diamond paste of 3 m grain diameter and colloidal silica (OP-U, Struers,
Nagoya, Japan). Then, the surface was ion-milled by argon gas (EM RES101, Leica Microsystems,
Wetzlar, Germany) to obtain a smooth and clean surface for EBSD analysis.
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Figure 3. Heating schedule for sensitization and change in EPR ratio of a specimen.

2.2. Crystallography

Prior to IGC testing, the crystal orientations of a 1× 1 mm central area in the etching area (black area
in Figure 2) were measured with an EBSD system consisting of an orientation imaging microscopy
(TSL Solutions, Sagamihara, Kanagawa, Japan). The measurement data were acquired and analyzed
by OIM data correction and OIM analysis (TSL Solutions, Sagamihara, Kanagawa, Japan), respectively.
Table 2 lists the EBSD measurement conditions. GBs were classified as low-angle (misorientation angle
ranging from 5 to 15◦) or high-angle (misorientation angle more than 15◦), and the high-angle GBs
were subclassified as CSL if they exhibited a Σ3–Σ29 structure and random boundaries otherwise.
The tolerance angle was used based on the Brandon criterion [27] to determine the CSL boundaries.

Table 2. Conditions of electron backscattered diffraction (EBSD) measurement and analysis using OIM.

Grid Shape Hexagonal

Measurement interval (m) 3.5
Grain tolerance angle (◦) 5

Minimum grain size (pixel) 2
Clean up Grain dilation, single iteration

In common EBSD analysis, the structure of a GB at a specimen surface is identified only by the
relative orientation relationship between the two adjacent grains. However, Haruna et al. [20] and Fujii
et al. [21] pointed out that the analysis yielded an ambiguous result for the GB structure. Each CSL
boundary actually exhibits several GB planes (rotation angles and axes). For example, a Σ3 boundary
can be formed by the planes {1 1 0}, {1 1 1}, {2 1 0}, {2 1 1}, or {3 1 1}, as shown in Figure 4. We proposed
a technique to identify the actual CSL boundary using not only the relative orientation between two
adjacent grains, but also the GB trace angle, and applied this technique in this study. To characterize
the IGC susceptibility of the CSL boundaries, we used the area of the CSL unit cell, ACSL. Figure 5
shows the arrangement of atoms on a Σ3 boundary and the technique for determining the value of
ACSL. The solid circles in Figure 5 denote sharing atoms on the boundary, and the value of ACSL is
defined by the area of the smallest repeating square. The value of ACSL is considered to be a measure
of the stability of the CSL boundary because the larger the area, the smaller the defects on the CSL
boundary. The lattice constant a of the steel used was set to 0.359 nm in this calculation [28].
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Figure 4. Schematic of GB planes and rotation angles for a Σ3 boundary. θ is a misorientation between
adjacent grains.

 

Figure 5. Five kinds of GB structure with atomic configurations for a Σ3 boundary and definition of
the area of the CSL unit cell, ACSL [21]. a is the lattice constant of the steel.

2.3. Electrochemical Method for Intergranular IGC Testing

After EBSD analysis, a conductive wire was connected to the specimen using solder (63/37 Sn-Pb,
SE-0ST16, Taiyo Electric Ind. Co., Ltd, Fukuyama, Hiroshima, Japan) the melting temperature of
183–184 ◦C) and liquid flux (BS-45, Taiyo Electric Ind. Co., Ltd, Fukuyama, Hiroshima, Japan), and all
the surfaces except for a 10 × 10 mm etching area were coated with plastic. IGC testing was then
conducted based on the oxalic acid etch test for stainless steel (JIS G 0571). The surface was etched
in 10% oxalic acid under 1 A/cm2 for 90 s with a power source (POLIPOWER, Struers, Nagoya,
Japan). After testing, the etched surface was observed under a high-resolution optical microscope
(OM) (MS-Z420, Asahi Kogaku Manuf Co. Ltd., Tokyo, Japan). The width of the corroded groove was
measured at the midpoint of each GB by the OM, which was regarded as a measure of the susceptibility
of the GB to IGC for the sake of simplicity. The GBs for which the corroded groove width was measured
were arbitrarily selected in the etched area for each GB class for each specimen.

3. Results and Discussion

3.1. IGC Behavior

Figures 6 and 7 show the crystal orientation maps and IGC profiles of specimens with high DOS
(EPR ratio of 19.4%) and low DOS (EPR ratio of 2.8%), respectively. The black lines in Figures 6a and
7a denote GBs with misorientations of more than 5◦. In the high DOS specimen, it was confirmed that
IGC occurred at some GBs and not at others. In the low DOS specimen, the trend in IGC occurrence
was almost the same. The width of IGC in the high DOS specimen seemed to be thicker than that in
the low DOS specimen. The relationship between GB structure, EPR ratio, and susceptibility to IGC is
discussed in the following sections.
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Figure 6. Microstructure of a specimen with high degrees of sensitization (DOS) (EPR of 19.4%). (a)
Crystal orientation map of specimen surface before etching; (b) optical microscope (OM) image of
specimen surface etched with oxalic acid corresponding to (a).

 

Figure 7. Microstructure of a specimen with low DOS (EPR of 2.8%). (a) Crystal orientation map
of specimen surface before etching; (b) OM image of specimen surface etched with oxalic acid
corresponding to (a).

3.2. IGC at Low-Angle GBs

Figure 8 shows the relationship between IGC width and misorientation in low-angle GBs. In high
DOS specimens (EPR ratios of 29.3% and 19.4%), IGC did not occur at GBs with a misorientation of less
than approximately 10◦. For GBs with misorientations of 10–15◦, IGC occurred at some of the GBs and
not at others, and the IGC width was constant for the corroded GBs. Hence, for high DOS specimens,
GBs with misorientations <10◦ do not exhibit IGC susceptibility and GBs with misorientations of
10–15◦ may or may not exhibit IGC susceptibility. The trend for the relationship between misorientation
and IGC width is the same for low DOS specimens (EPR ratios of 8.3% and 2.8%). However, the critical
misorientation shifts rightward and the widths of corroded GBs decrease with decreasing EPR ratio.
Moreover, the number of GBs at which no IGC occurred seems to increase with decreasing EPR ratio.
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(a)                                        (b) 

Figure 8. IGC width as a function of misorientation in low-angle GBs. (a) High DOS specimens; (b) low
DOS specimens.

The GBs with misorientations of less than a critical value exhibit little IGC susceptibility and those
with misorientations beyond a critical value may or may not exhibit IGC susceptibility, irrespective
of the DOS. It is well-known that low-angle GBs have a periodic arrangement of dislocations and
the structural stability of low-angle GBs decreases with increasing misorientation between adjacent
grains [29]. A chromium depletion zone tends to be formed at GBs with lower structural stability,
and the GBs with lower misorientation exhibit little IGC susceptibility. Some of the GBs beyond the
critical value exhibit IGC susceptibility, while the others exhibit little IGC susceptibility. This could be
explained by the following two reasons. First, the structural stability of GBs is affected not only by the
misorientation, but also by the geometric relationship between the GB planes [30]. The formation of
chromium carbide followed by a chromium-depleted zone at GBs would depend on their structural
stability, resulting in the differences in IGC susceptibility between the GBs. Second, we measured the
IGC width at the midpoint of each GB, though the width along the corroded GBs varied. Figure 9
shows an example of a corroded groove at a low-angle GB with a misorientation of 7.1◦. Although the
IGC width at the midpoint of the GB between Grains A and B in the figure is null, the IGC is several
micrometers wide near both ends. It is known that chromium carbide is formed insularly along a
GB [31] and a chromium depletion zone would grow from spots along a GB. Hence, as the IGC occurs
at the segmentally formed chromium depletion zone along a GB, the IGC susceptibility will vary along
a single GB. It would be difficult therefore to characterize in detail the IGC susceptibility distribution
along such a GB using a single parameter. Further study related to a measure to evaluate the IGC
susceptibility should be conducted.

Figure 9. Example of a corroded groove segment at a low-angle GBs in a specimen with an EPR ratio
of 19.4%. The misorientation of Grains A and B is 7.1◦.
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3.3. IGC at High-Angle GBs

Figure 10 shows the relationship between IGC width and GB character (Σ value) for high-angle
GBs. The scatter bars denote the maximum and minimum widths measured. For the bars with no
scatter bar, only one GB was detected in the EBSD-analyzed area. Note that some of the CSL boundaries
were not detected in the EBSD-analyzed area, which are denoted as “no data” in this figure.

 
(a) 

 
(b) 

 

 
(c) 

Figure 10. IGC width as a function of value in high-angle GBs. (a) EPR ratio of 19.4%; (b) EPR ratio of
8.3%; (c) EPR ratio of 2.8%.
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For the high DOS specimens (EPR ratio: 19.4%), the IGC width drastically fluctuates with
increasing Σ value. Additionally, the IGC width for each Σ value exhibits a large scatter. For the
low DOS specimens (EPR ratios: 8.3% and 2.8%), the trends are almost the same: the IGC width is
unrelated to the Σ value and the IGC width exhibits a large scatter.

Figure 11 shows the IGC width w as a function of ACSL. The IGC widths of the random boundaries
are plotted on the right-hand side in the figure because the random boundaries do not have a regular
periodic structure and the unit cell cannot be defined. The relationship between IGC width and ACSL

takes on a sigmoid shape in every case irrespective of the EPR ratio. When ACSL is small, no IGC
is observed. The IGC width increases with increasing ACSL and then levels off. To investigate the
influence of the EPR ratio on IGC susceptibility, the trendlines of the relationship between IGC width
and unit cell area for all specimens are drawn in Figure 12. Each trendline was obtained by curve-fitting
using a hyperbolic tangent function:

w = atanh(bACSL + c) + d (1)

The parameters of a, b, c, and, d are obtained using a generalized reduced gradient method to fit the
experimental results of each condition. The trendline shifts rightward and the IGC width decreases
with decreasing EPR ratio.

The stability is generally evaluated using the Σ value based on the CSL model. The Σ value is
defined as the reciprocal of the density of coincidence sites, and it is expected that the stability of
CSL boundaries decreases with increasing Σ value. Hence, CSL boundaries with low Σ value may be
not sensitized, resulting in a low IGC susceptibility of the boundaries. From Figure 10, however, the
IGC width seems not to be dependent on the Σ value, irrespective of the EPR ratio of the specimen.
From Figures 11 and 12, on the other hand, the IGC width increases with increasing ACSL, irrespective
of EPR ratio. Consequently, the IGC susceptibility of sensitized stainless steel cannot be characterized
using the Σ value, but can be characterized using ACSL. Figure 13 schematically illustrates the influence
of the DOS on IGC susceptibility of high-angle GBs. The relationship between IGC susceptibility and
ACSL is sigmoid, irrespective of the DOS, and the relationship shifts rightward with decreasing DOS.
Romero and Murr [7] found that chromium carbide was formed first at random boundaries, then at
incoherent twin boundaries, and then at coherent twin boundaries in type 304 austenitic stainless
steel. Suresh et al. [6] and Bi et al. [15] also found that chromium carbide tends to be distributed along
high angle random boundaries. These results mean that chromium carbide (followed by a chromium
depletion zone) is easily formed at unstable GBs, and the IGC susceptibility increases with decreasing
GB structural stability. This study quantitatively expresses this trend of IGC susceptibility using ACSL

(GB structural stability). In addition, the IGC susceptibility of GBs with large ACSL decreases with
decreasing DOS. When a specimen is exposed at a high temperature for a shorter period, the chromium
depletion zone formation changes and, as for stable GBs such as CSL boundaries with low ACSL, a
smaller chromium depletion zone is formed. For relatively unstable GBs such as random boundaries
and CSL boundaries with high ACSL, the chromium depletion zone is formed in a narrower region in
the vicinity of the GBs. As a result, GBs with a larger ACSL exhibit less IGC susceptibility, resulting in
the low DOS of the specimen.
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(a) 

 
(b) 

 
(c) 

Figure 11. Relationship between IGC width and ACSL at GBs. (a) EPR ratio of 19.4%; (b) EPR ratio of
8.3%; (c) EPR ratio of 2.8%.
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Figure 12. Trendlines of the relationship between IGC width and ACSL for all specimens.

 
Figure 13. Schematic illustration of the influence of DOS on IGC susceptibility at high-angle GBs.
The blue and red lines denote the IGC susceptibility of GBs in high and low DOS specimens, respectively.

The use of ACSL is not valid for low-angle GBs and random boundaries because it cannot be
defined. A candidate for evaluating the structural stability and IGC susceptibility, irrespective of GB
structure, is the GB energy [32–34]. The energy can be determined based on the type and arrangement
of atoms by numerical methods such as molecular dynamics. However, it is difficult to calculate the
energy for each GB in actual conditions. Although some experimental techniques were proposed
to measure the GB energy [35,36], the energy could not be determined based on the nondestructive
operation: a specimen should be annealed at a high temperature, etc. Hence, it is very difficult to
experimentally and/or analytically measure the GB energy of GBs of a material subjected to corrosion.
As mentioned before, the unit cell area ACSL is simply defined by atom arrangement on CSL boundaries
and is easily determined by specimen surface observation via SEM and crystal orientation measurement
via EBSD. Although limited to the evaluation of IGC susceptibility at CSL boundaries, this evaluation
technique using ACSL is a very effective approach. Further investigation of a unified parameter to
characterize the susceptibility of low-angle and high-angle GBs is needed.

4. Conclusions

In this study, IGC testing was conducted using oxalic acid on thermally sensitized type 304 stainless
steel specimens with varied EPR ratios. The susceptibility of GBs to IGC was investigated based on the
GB structure, such as their misorientation and Σ value. For low-angle GBs (misorientations ranging
from 5◦ to 15◦), GBs with misorientations of less than 10◦ exhibit little IGC susceptibility, while some
GBs with misorientations of 10–15◦ exhibit IGC susceptibility for high DOS specimens. In high-angle

139



Materials 2020, 13, 613

GBs (misorientations >15◦), the IGC susceptibility cannot be characterized by the Σ value, but can be
characterized by the unit cell area of CSL boundaries, irrespective of the EPR ratio of the steel. The IGC
susceptibility increases with increasing unit cell area, and then levels off. The IGC susceptibility of
the GBs increases with increasing EPR ratio. To easily characterize the IGC susceptibility of CSL
boundaries, the unit cell area of ACSL, which is simply determined based on atom arrangement at CSL
boundaries, is very useful.
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Abstract: Improvement of the corrosion resistance capability, surface roughness, shining of
stainless-steel surface elements after electrochemical polishing (EP) is one of the most important
process characteristics. In this paper, the mechanism, obtained parameters, and results were studied
on electropolishing of stainless-steel samples based on the review of the literature. The effects of
the EP process parameters, especially current density, temperature, time, and the baths used were
presented and compared among different studies. The samples made of stainless steel presented in
the articles were analysed in terms of, among other things, surface roughness, resistance to corrosion,
microhardness, and chemical composition. All results showed that the EP process greatly improved
the analysed properties of the stainless-steel surface elements.

Keywords: electropolishing; mechanism; stainless steel; corrosion; surface roughness; microhardness

1. Introduction

Metals and their alloys, when immersed in a suitable bath and in adequate electrolysis conditions,
may undergo anodic dissolution so that their surface becomes glossy and smooth [1]. The typical
reactions, anodic (1) and cathodic (2), in the electrochemical polishing process are [2]:

M0 − ze− →Mz+ (1)

2H+ + 2e− → H2 (2)

Anodic dissolution of metals and their transmission to the solution in the form of simple or
complex hydrated ions may be described with the following equations:

Me + xH2O − ze− →Mez+·xH2O (3)

Me + xH2O + yA− − ze− → [MeAy]z − y·xH2O (4)

The effects of electropolishing the surface of metal elements are:

• Macropolishing, i.e., removing the peaks of a height of approximately 100 μm which smoothens
the surface;

• Micropolishing, i.e., removing the peaks of a height of approximately 10 μm which makes the
surface glossy;

• Passivation which means the formation of a passive, oxide layer on the surface of metal [3–5].

Thus, during the electrochemical polishing process, the geometry of the surface is subject to
changes in the micrometric range, which results in smoothing the surface. In the range below 10 μm,
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this results in a highly ordered, single-direction reflection of the rays of light that gives the surface
mirror-like properties.

In the electropolishing process, the surface is smoothened and lustred without using any mechanical
tools, so that the superficial layer is protected against structural changes, while the crystalline structure
of the core of the processed element is revealed. Moreover, the process results in uniform passivation
of the whole surface of the polished element that protects it against corrosion, together with spots that
are hard to access and gives the element a decorative appearance.

Electrochemical polishing was probably first applied in industry after World War II to process
various types of carbon and alloy steels [6,7]. The best technical and economic results were obtained
for stainless steels, for which mechanical polishing did not lead to the same results as electropolishing.
Austenitic chromium and nickel steels (e.g., AISI 304) and chromium–nickel–molybdenum
(e.g., AISI 316) are widely used in heavy industry, food processing, the aviation, the automotive
industry, the space industry, jewellery making as well as in sport and biomedical engineering [8–10].
However, not all types of metallic materials may be polished with comparable results. Good
electrochemical polishing results are obtained for metals or alloys of a homogeneous and fine-grained
structure which are also free from non-metallic intrusions.

The main advantages of electropolishing include:

• Giving an aesthetic appearance;
• Obtaining good anti-corrosion properties due to the creation of the passive oxide layer containing

chromium oxide Cr2O3, nickel oxide NiO, molybdenum oxide Mo2O3, and iron oxide Fe2O3 [11–13];
• Facilitating washing and cleaning of elements subjected to electrochemical polishing (the removal

of dirt and bacteria is easier) [14];
• Removing microstresses in the superficial layer caused by processing and restoring uniform

micro-hardness of the native material [15,16];
• The possibility to polish surfaces and spots that are inaccessible to mechanical polishing [17,18].

The possibility to polish soft metals and alloys and elements of a delicate, openwork structure is
no less important.

Electropolishing produces a surface free from deformations without interfering with the crystalline
network structure and superficial stresses. The degree of smoothening is higher the more homogeneous
the alloy structure. The literature on the subject includes studies that present the influence of the
polishing method on fatigue. The results of these studies demonstrated that low cycle fatigue (LCF) of
electrochemical polished samples was 87% higher than that of samples polished mechanically using
abrasive materials [19].

The fact that surfaces subjected to electrochemical polishing are easy to clean makes it possible
to achieve a high quality of surface cleanliness and sterility. This is an important requirement in the
pharmaceutical and food processing industries, because metal elements that come into direct contact
with food must not cause contamination or any changes in the taste or colour of the food product.

These advantages of electropolishing support the use of this method in finishing surgical
instruments and implants as well. Studies on the electrochemical polishing process conducted by
Nawrat [20] led to implementing the electropolishing and chemical passivation of implants made from
AISI 316L steel (e.g., screws, plates, and compressive-distractive apparati) at the “Mikromed” facility
in Dąbrowa Górnicza. Pursuant to the PN-EN ISO 14630 standard, implants made from AISI 316L steel
after the electrochemical polishing process were characterised by an average roughness coefficient
Ra < 0.16 μm and very good corrosion resistance [20–22].

2. Mechanism of the Electrochemical Polishing Process

The first patent on electrolytic polishing were published by Spitalsky in 1910 [23], who worked on
polishing silver in cyanide solutions.
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The mechanism of the electrochemical polishing process was then analysed by numerous scientists.
The first description of this process was presented by Jacguet [24,25] in the 1930s. According to Jacguet
articles [24,25], the factor that has the greatest influence on surface smoothening during electropolishing
is the emergence of a highly viscous layer on the anode [26]. The layer is formed on the surface of the
anode as a result of the polarisation of the processed material. The anodic diffusion layer is flat on the
side facing the solution and the cathode, while on the side adjacent to the anode it takes the form of the
anodic surface. The layer is characterised by high electric resistance. However, this layer is thinner on
micro-peaks than on micro-valleys. As a result, the peaks of roughness are dissolved first, as higher
density current passes through them [26].

The process of anodic dissolution takes place in the conditions of threshold current. Due to the
low electric conductivity and high viscosity of the solution forming the anodic layer that fosters the
sustainable conditions of the process, the peaks of surface roughness are dissolved as a result of the
differences in current density between peaks and indentations.

According to another hypothesis, also based on the presence of a highly viscous layer, the
acceptors of the metal dissolution process plays an important role. The acceptors of the anodic
process may be, for example, particles of water and anions that are present in the bath. Water causes
hydration of metal ions, enabling them to detach from the surface, so the diffusion of acceptors
towards the surface of electrochemical polished elements is decisive for the anodic dissolution process.
During electropolishing, the concentration of acceptors in the vicinity of the anode is low, and the
gradient of their concentration increases at micro-peaks, so that they are the first to be subjected to
anodic dissolution. On the other hand, in micro-indentations the dissolution process is slightly delayed
until the metal ions close to micro-peaks are released from the metal surface [27].

The manner of transporting metal ions by the said viscous layer was also studied by Datt and
Landolt [28–30]. These authors explained the mechanism of the electrochemical polishing process by
the emergence of a layer of high density, low water content, and high concentration of anodic metal
ions (i.e., the aforementioned viscous layer) on the surface of the anode. According to them [28], a film
emerges on the surface of the anode, consisting of dissolution products and the bath of increased
density and high viscosity. It is subject to continuous transformations, as it decomposes and rebuilds
itself. Considering the decomposition of this layer and the following reconstruction, one may claim
that it is a dynamic system. According to the authors, the film in question is a layer saturated with
salts, through which diffusion and migration transport of ions occurs in the absence of convection.
Hypothetically, one may assume that in the event of the absence of concentration and temperature
gradients and in a perfectly mixed bath, only migration transport of metal ions would occur.

Electrochemical polishing (EP) is also defined as a diffusion–adsorption process that also assumes
the existence of a thin layer on the metal–electrolyte border that it created from the products of
anodic dissolution in the suitable bath characterised by high density and viscosity. The mechanism
of electropolishing based on the presence of a viscous layer in which the migration and diffusion of
anodic dissolution processes occur in the direction from the anode and process acceptor (i.e., water
particles and anions that are present in the anodic layer) towards the anode was also confirmed by
Hryniewicz [31]. During electropolishing of stainless steel, in the electrolyte containing phosphoric acid
(V) and sulphuric acid (VI), water is bound in the hydration zone of ions. Metal ions are transported into
the electrolyte in the form of hydrated ions and complexes. Water deficit, which is further reinforced
by electrolytic decomposition of water and the emission of oxygen, results in the conditions that foster
the emergence of insoluble chemical bonds that form a thin film in the form of the so-called viscous
layer. In the opinion of the author, the formation of passive layers may further hinder the transport of
ions. High resistance of the electrolyte solution results in high heat emission, which fosters convection.
It is also enhanced by changes in the solution density. Bagdach and Ciszewski [3,32] also describe
a mechanism where a viscous layer, which is thin yet thicker than the height of micro-roughnesses,
emerges on the anodic surface. This layer is characterised by higher electric resistance and increased
concentration of dissolution products compared to the rest of the electrolytic solution. As a result,
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the current density on peaks increases, so that the dissolution rate is higher on peaks and lower in
indentations. Strong adhesion of the viscous layer to the surface contributes to the stability of the
described conditions near the surface of the anode.

A summary of the models of electrochemical polishing based on the existence of the viscous layer
was presented by Lin and Hu [33,34]. The authors logically combined the hypotheses discussed above,
taking into account the molecular interactions between water particles that are assigned metal ions and
the presence of acids and additives that increase the viscosity of the solution. The authors divided the
layer that was formed between the anodic surface (substrate E) and the depth of the solution (layer A)
into three zones (B, C, and D, Figure 1).

Figure 1. Model of anodic dissolution in the EP process (1) direction of acceptor movement, (2) direction
of movement of metal ions [33,34].

B refers to the zone which is a thin layer formed on metal ions and acceptors that were previously
adsorbed on the anode. Zone C is a layer consisting of salt solution that contains the bath and metal
ions from the D layer and acceptors from layer B. The D layer consists of accumulated metal ions that
emerge as a result of dissolution of metal or alloy substrate (E). It is usually a super-saturated solution.
Mass transport in the electrochemical polishing process depends on the gradient of concentrations that
exist in layers B and C. Metal ions migrate and diffuse from the D layer towards the depth of the solution
(layer A) by electrostatic forces and thanks to the gradient of concentration. The dissolution of substrate
(E) and the transport of the mass of dissolved metal ions are dominated by the micro-dimensions
of the B, C, and D layers that depend on the solution used for electrochemical polishing (Figure 1).
The diffusion of metal ions (E) to the bath (A) depends on the microstructure of the C and D zones.
In this case, the D layer is a layer of metal salts that emerge as a result of the deposition of phosphates
(V) and sulphates (VI) that are products of the reaction with bath components—phosphoric acid (V)
and sulphuric acid (VI). Layer C is a liquid layer that contains concentrated metal salts that are highly
concentrated, up to saturation. If the electropolishing process takes place according to the acceptor
mechanism, then the diffusion of acceptors towards the anode and the migration of complexed metal
ions from the anode should occur simultaneously in layer B. Hence, the microstructure of layer B is
formed by the mass transport connected with these processes. The D layer disappears, while layers
B and C are liquid, with a relatively concentrated layer of metal salts deposited on substrate E.
This mechanism applies to chromium steel electrochemical polished in acids with a low content of
water as the acceptor. When baths containing glycerine are used, polymer structures or aggregates
may emerge in layer B. This results from the presence of three functional groups –OH− in the particle
of glycerine. These groups determine the existence of strong hydrogen bonds between them. As a
result, the effect of hindering the diffusion of acceptors towards the substrate (E) and the migration
of ions towards the depth of the solution (A) are reinforced. Pursuant to this mechanism, covering
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the substrate surface (E) by weak or strong polymer aggregate structures (e.g., particles of glycerine)
influences the speed of steel dissolution.

The current convection used in the diffusion layer into the depth used is possible. However, this is
a dynamic system in which the near electrode layer is constantly reproducing on the anode side and
convection on the solution side. In the diffusion layer there is still a layer of adsorbed polar particles
that adsorb onto the oxide layer, e.g., amines or multi-alcohols. The oxide film forms on the anode and
due to the large shortage of water molecules in the layer diffusion, available in the solvation process
of metal ions formed on the anode, which are cations and they change in the electric field towards
the cathode, that is, into the depth of action. In these conditions, oxides or hydrated metal oxides
accumulate, which are moved by moving the anodes far away from the thermodynamic state balance
of the dissolution of metals:

Me − ze− + nH2O→Mez+ · nH2O (5)

which is characteristic of the metal etching process. It is also worth mentioning the role of adsorbing
substances on the anode surface, such as amines and multi-alcohols, which shift potential after
adsorption on the anodes far from the state of thermodynamic equilibrium of the reaction:

Me − ze− →Mez+ (6)

The basic condition in the process of electrochemical polishing is a higher displacement of anode
potential, far from thermodynamic conditions. Then the digestion process is not decided by active
centres on the anode, such as the location of the metal atom in the anode metal crystals, and begins to
play a role in the topography of the surface.

In the electrochemical polishing process, the anode is usually covered with an oxide film. There is
only one case where no oxide layer is formed on the anode surface in the electropolishing process, i.e.,
the case of silver electropolishing in cyanide solutions. A salt film is then formed, which is fully the
same as the oxide film in the required electropolishing.

Electrochemical polishing solutions require the ability to transfer electrical charges, which occurs
in the results of anion and cation analysis in the electric field. Anions of oxygen data as well as
anions of organic compounds migrating to the anode surface are capable of forming metal oxides as a
result of the anode reaction. Only halogen anions cannot form metal oxides. Anhydrous solutions,
such as perchlorate solution made from acetic anhydride, and concentrated chloric acid (VII) also
contain chlorate (VII), ClO4

− and acetate anions, CH3COO− which may be involved in the formation
of oxide oxygen. Acetic anhydride can react with metal anodes with metal oxide and metal acetate.
For structures forming bivalent Me2+ ions, a hypothetical reaction can be used:

(CH3COO)2O + 3Me − 2e− →MeO +Me2+ + (CH3COO)2Me (7)

This reaction is much more complicated, because it results in high-molecular complex substances
that have the nature of surface-active substances capable of adsorbing on the anode surface.

The presence of micro-peaks and micro-indentations of the surface during the polishing process
is attributed to local differences in the rate of dissolution of the structural elements of stainless steel.
The higher the difference in the rate of dissolution of specific structural components, the more uneven
and rough the surface will be after electropolishing [35].

If the solution contains substances that form complex compounds with ions of the dissolved
metal, then the adsorption and diffusion of the emerging complex compounds may play a significant
role in the mechanism of the electrochemical polishing process. As complex compounds usually have
high molar mass and a complex structure, their mobility is usually low. Polishing alloy steels in
phosphate(V)–sulphate(VI) baths involves the emergence of ions [Fe(PO4)3]6−, [Fe(HPO4)3]3−, and if
the bath contains oxalic acid: [Fe(C2O4)3]3− [20].
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Another known hypothesis is based on the presence of an oxide layer that emerges on the surface
of the electropolishing anode in the conditions of anodic passivation. This layer is labile in a strongly
acidic environment and it is in a state of dynamic balance as a result of two contradictory processes:
the electrochemical formation of the oxide and its chemical degradation. The oxide layer conducts
current and is characterised by variable thickness that depends on the duration and the shape of the
anodic surface. As water particles and anions may access spots located on peaks of the surface more
easily, the rate of chemical reactions increases which, in turn, leads to decreasing thickness of the oxide
layer and increased speed of the electrochemical reaction. It should be emphasised that the emergence
of oxides that form the passive layer is facilitated on the borders of grains and in spots of network
defects of the metal. As a result, the structure of the processed metal or alloy influences the smoothness
of the electrochemical polished element [36].

The course of the electrochemical polishing process may also be analysed in terms of the energy
needs of the phase of ionisation of atoms of the dissolved metal. The energy required for the
ionisation of a superficial atom during anodic dissolution is the lowest on peaks and the highest in
surface indentations.

The high number of various hypotheses concerning the mechanism (Figure 2) of smoothening
and shining the surface in electropolishing results from the complexity of the process.

 

Figure 2. Mechanisms of the electropolishing processes.

However, apart from the diffusion layer, also known as the viscous layer, that emerges near
the anode, an oxide layer usually also emerges directly on the surface of the anode. A common
phenomenon resulting from the simultaneous formation of both these layers is the process of diffusion
of water particles and the migration of anions towards the surface of the anode. These substances
are necessary in electrochemical formation and chemical dissolution of the oxides that constitute the
passive layer. Due to the competitiveness of both these processes, even small differences in the rate of
migration and diffusion of the acceptors of the dissolution process may lead to significant differences
in the rate of dissolution of individual elements of the anode surface structure.

3. Description of the Technological Electrochemical Polishing Process

The important factors that influence the appearance of the polished surface are current density,
the composition and concentration of electrolyte, mixing and bath temperature [37,38]. Current density
is the ratio of the total current I (A) to the total surface S (dm2). Excessively high current density may
cause intensive emission of oxygen, which may result in the emergence of surface defects. The type of
current, including whether it is direct current or pulsating, also influences the quality of the process [3].
The composition and concentration of electrolyte, current density, and mixing rate are complementary.
The conductivity of the bath depends on the concentration of its components and, as a consequence,
on the density of the electrolyte. Increased temperature significantly influences the conductivity of
the solution and the decrease in the clamp voltage of electrolysis. If the viscosity of the solution
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increases (as a result of an addition of lactic or oxalic acid or glycerine), the content of adsorbed
particles on the surface of the electrochemical polished metal may increase, eventually resulting in
decreased roughness.

During electropolishing, the processed element is immersed in the bath and connected to the
positive pole of a direct current source (the anode). Inside the tank, cathodes are placed, which are
connected to the negative terminal of the current source. The cathodes and anodes placed in electrolyte
create an electric cell. In industry, tanks made from steel sheet metal layered with lead are usually
used, or alternately tanks made from stainless steel and cathodes made from lead or stainless steel.
The electric couplings of the hooks used for electrochemical polishing steel elements are typically made
from copper wire. The electrochemical polishing process requires access to proper ventilation.

The best results of the electropolishing process are obtained after performing three basic stages of
the procedure (Figure 3):

1. Preparing the surface (removing dirt that may interfere with the electrochemical polishing process);
2. Electrochemical polishing (softening sharp edges and electrochemical polishing);
3. Final processing (rinsing and removing remains of the bath, drying the metal surface).

Figure 3. Technological diagram of a typical electrochemical polishing process.

Figure 3 presents a technological diagram of a typical electrochemical polishing process.
Rinsing stainless-steel elements with diluted sulphuric acid (VI) additionally helps to clean the

surface of the element of contaminants that may emerge from electrochemical polishing. After each
stage, the processed elements are rinsed with demineralised water.

4. Baths and Parameters of the Electrochemical Polishing Process of Stainless Steel

The electrolyte plays several important roles:

• It is the medium in which chemical processes take place;
• It enables the transport of electric load in the solution;
• Eemoves the products of anodic dissolution from the processing zone.

The proper selection of components of the bath used for electropolishing on a laboratory and
industrial scale is an important issue [39,40]. In order for the electrochemical processing to bring the
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desired technological and economical results, it is necessary to select such bath composition that will
be adequate to the chemical composition and structure of the processed material. As attempts to
determine the appropriate composition of the electrolyte are very time-consuming, baths, which are of
great practical importance, are usually protected by patents.

Additionally, the scope of application of certain electrolytes is limited by their corrosive influence
on the equipment and the processed element as well as harmful impact on humans and the
environment [41].

In order for the thin, viscous layer to be created from the products of anodic dissolution on the
anodic surface in the electrolyte it is required to maintain a low concentration of iron and chromium
ions. For this purpose, after preparing the bath, it is “worked” to obtain a specific, low concentration
of these ions in the solution.

During electropolishing, the concentration of metal ions in the electrolyte increases and its
viscosity changes. The content of dissolved iron in the bath influences the specific weight, acidity
and viscosity of the solution and the current efficiency. In practice, it is known that at 3% weight
(approximately 70 g Fe/dm3) content of this metal in electrolyte, the electrochemical polishing process
is stopped. In such event, the bath should be regenerated or replaced [31]. The durability of
electrochemical polishing baths is usually determined by the value of current load that has passed
through a volume unit of the bath since the moment when it was prepared. The durability of baths,
e.g., for electrochemical polishing carbon steel is not high and it ranges from 100 to 180 Ah/dm3.
Bath maintenance usually consists in removing 30–50% of the volume of the solution after processing
approximately 80 Ah/dm3 and then supplementing it with a fresh solution [3]. Baths for polishing
chromium and nickel steel are more durable. Their maintenance consists in regular supplementing of
the glossing additives (e.g., triethanolamine) in half the amount specified in the formula.

The main components of solutions used for electrochemical polishing stainless steel are sulphuric
acid (VI) and orthophosphoric acid (V) [42]. Sulphuric acid (VI) ensures that the electric conductivity
of the bath is appropriately high, while phosphoric acid (V) is responsible for the properties of the
anodic layer on the polished metal surface [43]. These acids contribute to the smoothening of the
surface during electrochemical polishing and they are used to reduce the contamination of the bath
(for regeneration). During electropolishing of stainless steel, the components of the steel are dissolved:
iron, chromium and nickel on the anode:

Fe→ Fe3+ + 3e− (8)

Cr→ Cr3+ + 3e− (9)

Ni→ Ni2+ + 2e− (10)

2H2O→ O2 + 4H+ + 4e− (11)

Hydrogen is emitted on the cathode:

2H3O+ + 2e− → 2H2O + H2 (12)

The review of literature on the surface processing of metals revealed that elements made
from chromium and nickel steel may be electrochemical polished with baths that contain sulphuric
acid (VI), orthophosphoric acid (V) [44], triethanolamine [45–47] and ethylene glycol, oxalic acid,
and acetanilide [21]. Stainless steel may also be electrochemical polished in a solution consisting
of sulphuric acid (VI) and citric acid, as well as of sulphuric acid (VI), phosphoric acid (V) and
lactic acid [48,49]. Some other additives include: 2-amino-2-methyl-1-propanol [50], ethanolamine,
diethanolamine and triethanolamine [5,51], glycerine [34], and natrium phosphate [52]. Until recently,
chromic acid (VI) was also used. It was added in form of chromic acid anhydride (VI), i.e., chromium
oxide (VI) [53–56]. Currently, it is used more rarely due to the fact that chromium (VI) compounds
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are harmful for the environment. Abbot [57], in his studies, proposed a bath consisting of ionic
liquids of ethylene glycol and choline chloride instead of baths made from water solutions of acids.
ChCl:EG mixtures can be a potential alternative to sulphuric/phosphoric acid-based electrolytes
for electrochemical polishing stainless steel. The mechanism of electropolishing in aqueous acid
solutions is different from that in the ChCl:EG mixture. The removal of the oxide is slower and more
potential dependent than in aqueous solutions. When the oxide has been removed from the surface,
the metal atoms are oxidised and the treatment process is controlled by mass transport limitations.
When electrolytic polishing stainless steels on an industrial scale, only aqueous solutions are used,
which are concentrated solutions of phosphoric and sulfuric acids. Optionally with the addition of
organic substances such as glycerin, triethanolamine.

Eliaz, Nissan, and Sojitra [58,59] presented the process of electrochemical polishing implants
made from 316L steel in solutions that are less harmful for the environment, i.e., in baths consisting
of sulphuric acid (VI) 96% (50% vol.) and phosphoric acid (V) 85%, (50% vol.). Haïdopoulos and
Zhao [60,61] conducted research on a bath consisting of glycerine 99% (47–50% vol.), phosphoric acid
(V) 85% (35–42% vol.) and distilled water. These baths were used to electropolish stents made from
316L steel. Before electrochemical electropolishing, the samples were pickled in baths consisting of
nitric acid and hydrofluoric acid. The process parameters for the first bath were: temperature 75 ◦C,
current density 0.44 A/cm2, duration 3 min. The second bath worked at a temperature of 90–95 ◦C, the
current density was 1.2 A/cm2, and time 1–10 min. Sample baths and parameters of the electrochemical
polishing process of stainless steel are presented in Table 1.

Table 1. Sample baths and parameters of the electrochemical polishing process of stainless steel.

Material Bath
Parameters

Source
j (A/dm2) t (min) T (◦C)

Steel AISI 304, 316

Sulphuric acid (VI) (35 wt.%), orthophosphoric acid
(V) (51 wt.%), triethanolamine 99%. (3 wt.%),

H2O (11 wt.%)
20 12 55 [17]

Sulphuric acid (VI) 96% (40% vol.), orthophosphoric
acid (V) 85% (60% vol.), additives: ethylene glycol

99%—200 g/dm3, oxalic acid—200 g/dm3,
acetanilide—200 g/dm3.

35–50 1–50 60 [21]

Sulphuric acid (VI) 96% (50% vol.), orthophosphoric
acid (V) 85%, (50% vol.) 15 1–3 40–75 [58,59]

Orthophosphoric acid (V) 85% (35% vol.), glycerine
99% (50% vol.), distilled water (15% vol.) 75 1–10 60–95 [60,61]

Base solution: orthophosphoric acid 85%: sulphuric
acid (VI) 97% at a ratio from 2:1 to 3:2; (75% vol.),

glycerine 99% (25% vol.)
50 1–10 30–90 [34]

The surface roughness of stents electrochemical polished in the first bath, after pickling in a solution
consisting of hydrofluoric acid and nitric acid, was approx. Ra = 250 nm [59], while the roughness
of stents that had been electrochemical polished in the second solution was Ra = 120.52 ± 25.65 nm.
After pickling in hydrofluoric and nitric acid was Ra = 126.07 ± 37.13 nm [61]. Acid pickling in a bath
consisting of hydrofluoric acid and nitric acid was carried out to remove slag and metal oxides attached
after other types of surface processing (for example, laser micromachining) before electrochemical
polishing. Electropolishing stents in the first solution resulted in a surface roughness Ra = 14.77 nm
for the selected working parameters, while roughness after electrochemical polishing in the second
bath was Ra = 13.13 nm. Weight loss for the first bath after pickling was 7.43%, while after the
electrochemical polishing process 17.99%. In the second case, weight loss after pickling was 7.7% and
16.7% after electrochemical polishing.
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5. Electrochemical Polishing and Other Methods of Surface Processing

Finishing is the final phase of the whole surface processing operation. Its aim is to obtain a
suitably high quality of the processed element, to comply with the required technological specifications
concerning the accuracy of dimensions and shape, and surface roughness. Mechanical polishing and
electrochemical polishing are applied in order to obtain an appropriately smooth surface (e.g., polished
surfaces of metal mirrors, ornamental elements, medical instruments, and implants).

Based on the literature, it was determined that the selection of an adequate surface processing
method depends on the size and internal structure of the elements. In many cases, electrochemical
polishing is preferred for the use of objects with complex shapes, because mechanical polishing
is very difficult. For example [60,61], electropolishing leads to smoothing of samples of complex
shapes (laser cut stents and endovascular stents) and is comparable to commercially available stents.
Electropolishing does not deform the microstructure of stents; it improves it to a homogeneous structure
and smooth, defect-free and contamination-free surface. Lukas Löber [62] in his studies presented a
manner of surface processing of elements made from 316L steel of the dimensions of 10 × 10 × 10 mm.
In order to reduce roughness, the processed elements manufactured in the SLM (Selective Laser
Melting) technology were subjected to the following mechanical processing: blast cleaning, grinding,
mechanical polishing as well as electrochemical polishing and electro-plasmatic polishing (Table 2).

Table 2. Results of roughness measurements for elements from 316L steel manufactured in the SLM
(Selective Laser Melting) technology, after selected processing methods [62].

Processing Method Abrasive Grit Ra (μm)

SLM 15.03

Grinding

P 80 2.22

P 240 1.15

P 300 0.52

P 500 0.43

Blast cleaning with glass 50–150 mm 8.85

Electrochemical polishing after SLM 15.03

Grinding and electrochemical polishing
P 80 9.28

P 240 1.46

P 500 0.64

Mechanical polishing and electrochemical polishing - 0.21

Mechanical polishing and electro plasmatic polishing - 0.12

For example, test results for processing elements manufactured from 316L steel in SLM technology,
discussed in the study [62], are presented in Table 2. Positive effects were obtained after combining
mechanical polishing with electropolishing: the roughness parameter Ra decreased from 15.03 μm to
0.21 μm and after mechanical polishing combined with electro plasmatic polishing, after which the
roughness was 0.12 μm. The author of the quoted paper also mentioned the possibility to process
elements after the SLM process by means of chemical pickling. Unfortunately, the level of surface
roughness obtained after only mechanical initial processing (e.g., grinding) was unsatisfactory.

Table 3, based on reviewing the literature, contains the parameters of the electrochemical polishing
process presented in the subject literature:
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Current—I (A), voltage—U (V), current density—j (A/cm2, A/dm2), electric load—q (Ah/cm2),
temperature—T (◦C, K), time—t (s, min, h), equals the composition of the electrochemical polishing
baths and main results of the tests. The specific publications mainly analysed the following: surface
roughness (with use of AFM or profile meter), chemical composition of the surface (EDX, AES, and
XPS), surface gloss, corrosion resistance, chemical composition of the electropolishing bath, adhesion
of cells/bacteria to the processed surface, and the hardness of sample surfaces. Experiments were
conducted for stainless steels: 304, 316L, 316LVM, 430, and duplex 2205. Measured 2D and 3D
roughness indicators:

• Ra (μm, nm)—mean arithmetic deviation of surface profile from the average line measured along
the measurement or elementary section;

• Rq (μm, nm)—root mean square deviation of surface profile from the average line measured along
the measurement or elementary section;

• Rz (μm, nm)—maximum height of roughness from the average line measured along the
measurement or elementary section;

• Rp (μm, nm)—maximum profile peak height;
• Rv (μm, nm) —depth of the deepest profile indentation;
• Sa (μm, nm) —mean arithmetic deviation of surface roughness from the reference plane;
• Srms (μm, nm) —root mean square surface roughness.

Corrosion tests indicators:

• OCP (V)—open circuit potential;
• Ecor (mV, V)—corrosion potential;
• Epit (V)—pitting potential;
• Vp (mm/y)—corrosion rate.

Raw/ground samples were designated as SS, samples after mechanical polishing as after MP, after
electrochemical polishing after EP, after magnetic electrochemical polishing—after MEP.

In the studies presented above, the surface quality and the surface smoothening effect were
usually controlled by analysing the roughness profile Ra (nm, μm). After electrochemical polishing,
it was possible to obtain lower Ra values for raw samples and samples previously subjected to
mechanical or chemical processing. Electropolishing lowered the surface roughness Ra of samples
of implants made from 316L steel from 18.4 ± 4.5 nm (AFM) and 183.1 ± 80.6 nm (profile meter) to
2.1 ± 0.8 nm and 76.2 ± 67.9 nm [58]. Chemical pickling and mechanical processing also reduced the
roughness parameter Ra, compared to the initial sample—SS: Ra = 120.52 ± 26.65 nm, after pickling:
Ra = 126.07 ± 37.13 nm, after relaxing: Ra = 142.71 ± 26.20 nm, after EP: Ra = 13.13 ± 1.56 nm [61].
Lower Ra parameter of EP samples (Ra < 0.11 μm), after previous pickling (Ra = 0.37–0.43 μm)
compared to the initial samples (Ra = 0.17–0.25 μm) was obtained in publication [17].

The chemical composition of samples was mainly analysed using X-ray photoelectron spectroscopy
(XPS). The sample surface was analysed both in the initial state, directly after processing or after
additional cleaning with Ar+ ions. Testing revealed that the composition of the passive layer after EP
was enriched with chromium (chromium oxides and hydroxides) whose content, for the SS sample,
was: at.% Cr = 5.7% at. and after EP: at.% Cr = 11.5% at. [60]. A similar correlation was obtained in
other studies, where an increase in at.% Cr was observed from 16% (mechanically processed sample)
to 20% after EP, along with a decrease in the Fe (iron oxides) content in the top layer: after mechanical
processing: at.% Fe = 18%, after EP: at.% Fe = 10% [79]. The low ratio of iron oxides content to the
total chromium oxide and hydroxide content may contribute to improved corrosion resistance of the
passive layers obtained as a result of EP.

Qualitative analysis of the chemical composition of the surface was also performed using
energy-dispersive X-ray spectroscopy (EDS) [76]. The chromium content in the passive layer increased
from 18.83 wt.% to 19.33 wt.%, after electrochemical polishing. The tests also analysed surface gloss
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before and after EP. After initial preparation of samples (grinding) gloss G = 400, while after EP the
gloss increased to G = 1700–2500.

Corrosion resistance was determined in potentiodynamic studies [59,71,72,74,75]. Based on
results, it was determined that the corrosion resistance of 304 and 316L stainless steel improved
significantly. High chromium content in both these types of steel enables the formation of the passive
layer that protects the material against a corrosive environment on the surface of elements. Polarisation
measurements revealed a noticeable improvement in pitting corrosion resistance and a shift in the
pitting potential towards higher potential values. For samples after EP, Epit was 0.57 V and it was
noticeably higher than for pickled samples Epit = 0.38 V and raw samples Epit = 0.30 V (versus satd.
calomel electrode) [71,72]. In other studies, Ecor for mechanically processed surface was Ecor = −0.533 V,
while after EP: Ecor = −0.324 V [74,75]. A similar correlation was found in study [59]. After pickling
Ecor was −0.326 V, and after electrochemical polishing Ecor = −0.173 V. The presented research results
allow us to state that electropolishing improves corrosion resistance compared to samples that were
raw, pickled or mechanically processed.

Another interesting research project analysed the adhesion of blood cells to the surface of samples
from 316L-SS steel, after electrochemical polishing, at direct current voltage U = 2.5, 4 and 10 V
(T = 65–70 ◦C, t = 3 min) [64]. Along with the decrease in SS surface roughness: Ra = 188 ± 9 nm,
EP (2.5 V) Ra = 107 ± 6 nm, EP (4 V) Ra = 77 ± 4 nm, EP (10 V) Ra = 97 ± 11 nm and increase in corrosion
resistance: SS: OCP = 0.34 V, EP (2.5 V) OCP = 0.29 V, EP (4 V) OCP = 0.18 V, reduced adhesion of
blood cells to the surface of 316L steel was observed for samples after EP: at 2.5 V by 71%, at 4 V by
89% and at 10 V by 93%. This study permits us to state that electropolishing significantly contributes
to the reduced adhesion of blood cells to the surface of the processed elements (stents), which has a
significant influence on thrombogenicity.

Electrochemical polishing also reduces the adhesion of bacteria to the surface of stainless-steel
elements used in heavy industry, food industry, pharmaceutical and medical industry [91–94].
The adhesion of bacteria to the surface of devices (the formation of biofilm) may result in the
contamination of the product by penetration of pathogens from the biofilm [95–97] and in damage
or destruction of the stainless-steel surface [98,99]. After EP, the number of bacteria on the surface of
stainless steel was reduced by 79% and 94% [91]. Electrochemical processing may have a significant
influence on enhancing resistance to the formation of bacterial biofilm on the surface of devices [100].

The electropolishing process also influences the microhardness of the processed elements [89,90].
The microhardness of raw samples was 168.27 kg/cm2, after sanding −283 kg/cm2, while after
sanding and EP < 205 kg/cm2. The above results indicate that the microhardness of material
subjected to mechanical processing is higher than after electrochemical polishing. Sanding causes
cold-work hardening, which has a significant influence on the microhardness results. Compression
after mechanical processing may be partly removed by electropolishing. Samples after mechanical
processing were characterised by higher microhardness than samples after mechanical processing and
electrochemical polishing.

Surface defects were presented after the electropolishing process in industrial conditions [46].
A bath containing H3PO4 and H2SO4 and triethanolamine contaminated in industrial conditions was
used for the tests, and the iron ions contamination was about 3% by wt. Samples with an area of
approximately 33.3 dm2 were used in the industrial tests. For comparison, laboratory-scale tests were
carried out with the area of the samples 0.4 dm2. The results of laboratory tests make it possible to
estimate the weight loss that will be obtained in industrial conditions, taking into account the use of
the same electrolyte. Due to the limitations in industrial conditions and repeated electropolishing of
large-size work pieces, the current density range used was 4–8 A/dm2, the temperature range 35–55 ◦C.

The best effects were obtained for the low temperature and current density 8 A/dm2.
The combination of low current density and high temperature resulted in an uneven polishing
of the sample and “orange peel effect". On one hand the surface is polished, on the other this kind of
textural irregularities are similar to the skin of an orange (Figure 4). Besides, the “orange peel effect”

160



Materials 2020, 13, 2557

occurs in metals and alloys with a thick crystalline structure, because the oxide film, adsorption film
and diffusion film, which shift the anode’s potential far from the thermodynamic state characteristic
of the anodic etching process, are not able to overcome the effect of the privileged influence for the
digestion anode places in the case of metal digestion under thermodynamic conditions, called active
centres. This is the case when the surface is shiny but not smooth.

Figure 4. Metallographic photos of austenitic chromium–nickel stainless steel: (a) as-received, 2B
surface finish, (b) high gloss surface after EP (T = 35 ◦C, 8 A/dm2), (c) edge of the sample with high-gloss
surface after EP (T = 55 ◦C, j = 4 A/dm2), (d) internal area of the sample with orange peel effect after EP
(T = 55 ◦C, j = 4 A/dm2).

In Reference [101], defects were presented such electropolishing streaks (oxygen formation and
movement). After the electropolishing process, the surface may contain certain defects, including
those resulting from long-term use of electrolyte, improper current density, or local overheating
of the electrolyte. Defects may be a result of non-optimal parameters and bath composition and
contamination. The most common defects include orange peel effect, shadows, smudges, streaks,
and uneven polishing of the material [102].

The electropolishing process parameters, bath composition and contaminations have a major
role in the possibility of the occurrence of defects. Also, the selection of optimal process parameters
mainly depends on the type of electrolyte used and the degree of its contamination. Undoubtedly,
mixtures of H3PO4 and H2SO4 are most often used, sometimes with the addition of organic additives,
e.g., glycerine. When choosing process parameters, the shape and size of electropolished samples
should also be considered. Some researchers even used high temperatures 75–95 ◦C for electrochemical
polishing of small samples. When electropolishing large-size workpieces and the need to use the
lowest possible current densities, often in the range of 4–5 A/dm2, depending on the rate of electrolyte
contamination, temperatures below 50 ◦C could be also used.
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About the right course for the proper conduct of the electropolishing process and other
electrochemical processes, decisive is the value of the electrode potential, and the process parameters
must be selected so that the anode potential has the desired value. Therefore, for large-size workpieces,
high values of the current supplied to the anode must be used, which requires an appropriate power
supply and may cause “burns” on the workpiece being processed. The places occupied by the current
contacts, of course, remain raw because there is no processing. Designing such a bath so that low
current densities can be used obviously requires lower currents at the same surface size, which limits
these adverse effects. Baths that require lower current densities are always better.

The paper focused on the results of electrochemical polishing of stainless-steel parameters and
the effect of the process on surface roughness, chemical composition, corrosion resistance, adhesion of
blood cells, adhesion of bacteria and influences the microhardness of the processed elements. The paper
could help in selecting the best EP process parameter—depending on what the final part of stainless
steel is being used for and which surface quality meets individual expectations.

6. Conclusions

The large number of hypotheses concerning the electrochemical polishing mechanism results
from the complexity of the process. Apart from the anodic diffusion layer of high density and electric
resistance, also called the viscous layer, thatt is formed in the proximity of the anode, an oxide layer
is also formed on the surface of the anode itself. The presence of these layers limits the processes
of diffusion of water particles and migration of hydrated anions and cations in the electric field.
A common phenomenon that results from the simultaneous formation of both these layers is the
process of diffusion of water particles and migration of anions towards the anode as well as the
migration of anodic dissolution products away from the anode.

Water particles and anions, which are referred to as the acceptors of the anodic dissolution process,
are necessary in the process of electrochemical formation and chemical dissolution of the oxides that
constitute the passive layer. Due to the competitiveness of both these processes, even small differences
in the rate of migration and diffusion of the acceptors of the dissolution process may lead to significant
differences in the rate of dissolution of individual elements of the anode surface structure.

For designing the composition of the electrochemical polishing bath solution and selecting the
parameters of the electrolytic polishing process, it is beneficial to assume the occurrence of three, at the
same time, independent physicochemical processes:

• anodic passivation (formation of an oxide film);
• adsorption of surface-active substances;
• formation of a diffusion layer with increased viscosity and density and reduced water content

concerning the rest of the solution.

The most popular additions to phosphate–sulphate solutions used as electropolishing baths are
glycerol (glycerine) or chromic acid anhydride, CrO3. Glycerol increases the viscosity and density of
the solution, which increases the thickness of the diffusion film and the greater distance of the anode
potential from the thermodynamic value. Glycerol also reduces the relative concentration of water
in the near-anode area and as a substance with active oxygen atoms forms an adsorption film on the
surface of the anode. Chromic anhydride also increases the viscosity and density of the solution but
also has oxidizing properties, which facilitate the formation of the oxide film. Of course, chromium
anhydride and glycerine should not be added at the same time, as there would be a reaction between
the oxidant (chromic acid) and the reducing agent (glycerine).

The main method of modifying the surface (preceding mechanical polishing and electrochemical
polishing) or the final processing of metal elements is abrasive processing. Mechanical processing
(machining, blast cleaning, or tumbling) cannot ensure the desired smoothness and visual properties
of elements of a complex internal structure. After electropolishing, samples are characterised by lower
roughness Ra and higher corrosion resistance. Electrochemical polishing reduces the adhesion of
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cells and bacteria to the processed surfaces, positively influencing the usability and durability of the
devices. Errors in designing and assembling devices made from 304 and 304L stainless steel used in
constructing technological equipment installed in wastewater treatment plants may result in a fast rate
of corrosion. The advantage of electropolishing is that it may be applied both as a finishing process
and after previous mechanical or chemical processing.
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35. Hryniewicz, T. Wstęp do Obróbki Powierzchniowej Biomateriałów Metalowych; Wydawnictwo Uczelniane
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Abstract: The main purpose of this work was to experimentally determine the effect of the cooling rate
during the eutectoid transformation on the corrosion resistance of a hypoeutectic Zn-4Al cast alloy
in 5% NaCl solution. This was considered in relation to the alloy microstructure. For this purpose,
metallographic and electrochemical studies were performed. It was found that the faster cooling
promoted the formation of finer (α + η) eutectoid structures, which translated into a higher hardness
and lower corrosion current density. In the initial stage of corrosion processes the eutectoid structure
in the eutectic areas were attacked. At the further stages of corrosion development, the phase η was
dissolved, and the α phase appears to be protected by the formation of corrosion products.

Keywords: zinc alloys; Zamak; Zn-Al alloys; heat treatment; corrosion resistance; microstructure

1. Introduction

Zinc-based alloys have good tribological properties, relatively high mechanical strength and
hardness values, and show good castability due to their low melting points. These features make them
good candidates for use in automotive and electronics applications, and they have also been used in
the production of small components and plain bearings. Studies have shown that these alloys have
superior wear resistance to common copper-bearing alloys. Adhesion and smearing are the main wear
mechanisms of zinc-based alloys, while abrasive wear is the predominant wear mode in bronzes [1–5].
In the last decade, zinc has been extensively studied as a potential biocompatible and biodegradable
metal for medical applications [4,6–10].

Zinc has one of the lowest electrode potentials, and machines made from it are highly susceptible
to electrochemical corrosion due to the formation of a galvanic cell. The presence of extensive corrosion
may also affect other co-working components made of different materials. The resulting corrosion
products affect the pH of the surrounding environment, which, in turn, may accelerate the degradation
of lubricants. On the other hand, a low electrochemical potential gives zinc and its alloys broad
application prospects as cathodic protection coatings. Thus, Zn-Al alloys may be used to replace
traditional zinc galvanic coatings [11–18] The commercial Galfan alloy has found broad applications in
this area [18] but it exhibits several serious drawbacks, including a low creep resistance, low shape
stability associated with aging, insufficient corrosion resistance in acidic and alkaline environments,
and a low cavitation erosion resistance [5,19–21]

The main alloying elements in Zn-based alloys are aluminum, magnesium, and copper. Cast
Zn-Al alloys are commercially available under the Zamak tradename, the most popular of which is the
Zamak 3 alloy which has a nominal composition of 4% Al. This aluminum content classifies this alloy
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as hypoeutectic (Figure 1) whose microstructure is composed of a η-Zn(Al) dendrite solid solution and
(α+η) eutectic phases, in which the α solid solution is Al(Zn).

 

Figure 1. Zn-Al phase diagram adapted from [5].

Chloride ions are one of the primary catalysts responsible for the corrosion of zinc and its alloys.
Components made from these alloys are exposed to chloride ions in both seawater and also in seaside
environments. Micron-sized salt aerosol particles can be deposited on elements located as far as
10 km from the shoreline. The threat in engineering practice may be intergranular corrosion by
chloride ions [10,22,23], which was the main reason that a solution rich in these ions was used as a
corrosive environment.

Analyzing the corrosion mechanisms of Zn-based alloys is challenging due to their complex
microstructures. However, previous studies have only focused on the influence of factors affected by
the crystallization conditions (from the temperature of the liquid phase). This translates into an effect
on the size and branching of dendrites, as well as eutectic dispersion. Thus, practical considerations are
important during casting. The grain size and microstructure morphology (affected by the crystallization
conditions) [5,16,17,19,24] and cooling rate have been shown to affect the corrosion resistance of zinc
alloys [12,24–27]. Finer dendrites were shown to improve the corrosion resistance of hypoeutectic
alloys, whereas a coarse microstructure was more preferable for hypereutectic alloys [5,17]. The aim
of this work was to determine the effect of the cooling rate during the eutectoid transformation on
the corrosion resistance of a hypoeutectic Zn-4Al alloy. These changes apply to the crystallized alloy
and are relevant to determining a heat treatment process. As a part of this research, samples were
heat-treated at temperatures higher and lower than the eutectoid transformation, and electrochemical
studies were combined with metallographic studies to confirm the effect of heat treatment on the
alloy’s microstructure. The surface condition of the alloy was assessed after electrochemical tests to
determine the role of microstructure during corrosion.

2. Materials and Methods

The investigated material was a Zn-4Al alloy that was fabricated by melting and casting pure
elements (99.995% Zn and 99.7% Al) in a PIT10 induction furnace. The obtained material was subjected
to heat treatment by annealing for 1 h at 250 ◦C and 300 ◦C, followed by cooling. The samples were
quenched in water and cooled in air or in a furnace. The scheme of the research design is shown in
Table 1.

Hardness measurements were performed using the Vickers method. Microscopic examinations
were carried out using a stereoscopic microscope (Leica M205 C, Leica Microsystems, Wetzlar, Germany),
a light microscope (Nikon Eclipse MA 200, Nikon Instruments Inc., Tokyo, Japan), and a scanning
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electron microscope (SEM) (Phenom World ProX, Thermo Fisher Scientific, Waltham, Massachusetts,
USA). Light microscopy was used to examine metallographic sections to identify microstructural
features after Nital etching (3% nitric acid in ethanol) and 5% NaCl solution. Stereoscopic and SEM
microscopes were used after electrochemical measurements to illustrate the corrosion progress.

Table 1. Scheme of the research design.

Material Methods

As delivered

Hardness measurements,
Microstructural examination,
Electrochemical examination,

SEM surface evaluation

Heat treatment at 250 ◦C
Furnace cooled

Hardness measurementsAir cooled
Water quenched

Heat treatment at 300 ◦C
Furnace cooled

Hardness measurements,
Microstructural examination,
Electrochemical examination,

SEM surface evaluation
Air cooled

Water quenched

Polarization tests were performed using a three-electrode cell with a potentiostat (ATLAS 0531
ELEKTROCHEMICAL UNIT & IMPEDANCE ANALYSER, Atlas-Sollich, Gdansk, Poland). The
auxiliary electrode was made of austenitic stainless steel, while a saturated Ag/AgCl electrode was
used as the reference electrode. Just before the experiments, samples were subjected to mechanical
grinding with 800 SiC emery papers. The surface area of the working electrode (the sample) was 0.785
cm2. Before experiments, each sample was immersed for 20 min in 250 mL of a 5% NaCl solution at
room temperature. After that, the open circuit potential (EOCP) was measured. Polarization tests were
conducted in the same solution by stepping the potential in the anodic direction using a scanning
rate of 1 mV/s from −250 mV relative to the open-circuit potential. The pH of the applied solution
was 7.5. Four anodic and cathodic polarization curves were recorded for the as-delivered material.
The initial potential value was 200 mV lower than the EOCP value. The polarization of each tested
sample was terminated at different potential values. Thus, the potentiodynamic curves were stopped
at potentials of +150, +225, +300, and +450 mV vs. Ecorr. Polarization curves were also obtained for
samples heat-treated at 300 ◦C. Three curves per series were determined for the heat-treated alloy.
The polarization curves were plotted using an automatic data acquisition system, and the corrosion
potential (Ecorr) and corrosion current density (Icorr) were estimated by Tafel plot extrapolation.

3. Results

3.1. Hardness Measurements

The hardness measurement results and their standard deviations in Figure 2 show that the
hardness of the as-delivered material was 58 ± 2 HV1. Changing the cooling rate affected the hardness
of samples heat-treated at 300 ◦C. The hardness increased by more than 20 HV1 for the water-quenched
sample compared with the material that was furnace-cooled from the same temperature (300 ◦C). This
is due to the eutectoid transformation which occurred at 275 ◦C. Faster cooling promoted the formation
of finer (α + η) eutectoid structures from the γ phase, while slower cooling allowed the alloy to form a
coarser eutectoid structure, which translated into a lower hardness. The increased hardness due to
the increased cooling rate realized from the beginning crystallization temperature and microstructure
refinement has been observed by other Authors [27].

To provide a comparison, heat treatment was also carried out at a temperature lower than the
eutectoid transformation, i.e., 250 ◦C, and various cooling rates were also used. The cooling rate had
no effect on the material hardness at this temperature, which indicates that the formed microstructure
was stable. The slight differences in the hardness values were within the standard deviation.
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Figure 2. Hardness values obtained for heat-treated Zn-4Al alloy at 250 and 300 ◦C using various
cooling rates.

3.2. Microstructural Examination

The microstructure of the material in delivered state was typical of hypoeutectic Zn-Al alloys
(Figure 3). Dendrites of the Zn-base solid solution (η) and an (α + η) eutectic lamellar structure were
visible. The microstructure contained the product of eutectoid decomposition because the γ phase was
transformed into (α + η) phase at 275 ◦C, as shown in Figure 1. On the other hand, rod-like eutectic
features that may have been formed due to rapid quenching were not observed [11].

(a)  

(b)  

Figure 3. Microstructure of examined Zn-4Al alloy (as-delivered). Visible dendrites of η phase and a
eutectic lamellar morphology (α + η). Etched with 10% NaCl solution. (a) Light Microscopy, (b) SEM.

After heat treatment at 300 ◦C, the effect of the cooling rate on the phase distribution in the eutectoid
structure was examined (Figures 4 and 5). During the applied heat treatment, only the morphology of
the microconstituents inside the lamellar structure was affected by eutectoid decomposition. Some
divorced eutectic structure was also observed along the grain boundaries. Despite the eutectoid
decomposition, the morphology of the interdendritic lamellar eutectic structure was not affected
because it was not subjected to any solid-state transformation (Figure 4).
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(a)  

(b)  

(c)  

Figure 4. Microstructure of Zn-4Al alloy after heat treatment at 300 ◦C: (a) furnace-cooled, (b) air-cooled,
(c) water-quenched. The visible morphology of the eutectic structure was not affected by the eutectoid
transformation. Etched with Nital. Light Microscopy.

(a)  

(b)  

(c)  

Figure 5. Microstructure of the Zn-4Al alloy after heat treatment at 300 ◦C: (a) furnace-cooled, (b)
air-cooled, (c) water-quenched. A finer (α + η) eutectoid phase was formed from the γ phase. Etched
with Nital. SEM.
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3.3. Electrochemical Examinations

Figure 6 shows a comparison between the polarization curves of investigated samples. The
corrosion current density and corrosion potential were estimated from the polarization curves using
the Tafel extrapolation method (Table 2). The corrosion test results of the as-delivered material are
presented as the average of four measurements. For the heat-treated samples measurements are shown
as the average of three measurements. As expected, the Zn-4Al alloy had a negative corrosion potential,
and the four curves obtained for the as delivered material were similar. This value was consistent with
the results of other Authors [6,16]. A strong increase in the current density during the initial stage of
the anodic curve was found, which indicates highly intense electrochemical processes.

The microstructure of the investigated material was composed of two phases—anα aluminum-rich
solid solution and a η zinc-rich solid solution. The resultant electrochemical potential was closely
related to the phase heterogeneity of the zinc alloy, i.e., to the corrosion potential of each phase. The
phases with various electrode potentials became anodic and cathodic during contact between the
alloy and the electrolyte [28]. Al has a nobler electrochemical behavior than Zn [17,29], and similar
behavior should be attributed to Al-base and Zn-base solid solutions. It was previously shown that the
anodic nature of the η phase depends on the pH of the corrosive agent [16,24,30]. In slightly acidic or
neutral environments, the α phase is nobler than the η phase, so it may act as a cathode. Conversely,
in alkaline environments, the α phase may play the role of the anode [24,30]. Shihirova at al. [31]
indicated that the electrochemical behavior of phases may be associated with local pH changing and
their thermodynamic stability in this corrosive environment. In this study, experiments were carried
out at a slightly alkaline pH of 7.5. However, the anodic processes lead to a local reduction pH due to
the H+ produced from the hydrolysis of Al3+ [32].

The test results show that the corrosion current density and corrosion potential change as the
microstructural morphology changes. The other morphologies were obtained due to different cooling
rates during the eutectoid reaction. A very important factor in galvanic corrosion is the ratio of the
anodic to cathodic area. If the surface of the cathode is larger than the anode, then more oxygen
reduction or another cathodic reaction can occur, which increases the galvanic current. However, in
this case, it remained at the same level, but the distance between the anode and cathode changed.

In this case, we had a corrosion microcell, in which the anodes and cathodes were separated by
just a few microns. Previous electrochemical research determined that finer structures show a lower
Icorr compared with a coarse structure. Ecorr remained rather constant, although it showed a slight
decrease. It can be observed that the furnace-cooled structure was related to a corrosion current density
and a corrosion potential of 7.01 μA/cm2 and −1.06 V (vs. Ag/AgCl), respectively, compared with
4.74 μA/cm2 and −1.07 V (vs. Ag/AgCl), respectively, for the water-cooled structure. Increasing the
dispersion of cathode inclusions usually increases the cathode activity. However, if anode passivation
occurs or a surface film of corrosion products forms, its activity can be decreased, and the anode
process will be inhibited. On the other hand, the short phase distances typical of eutectoid structures
may have protected the anode phase. This effect may be clearer due to the finer eutectoid structure.

The Ecorr value was more electronegative than EOCP. The differences between the EOCP and Ecorr

values were due to the diffusive nature of the cathode potential curve, which has been previously
observed during anodic polarization [29].

Table 2. The electrochemical parameters obtained for as delivered samples, as well as samples
heat-treated at 300 ◦C and subjected to different cooling rates.

Sample
Icorr

(μA/cm2)
Ecorr

(V) vs. Ag/AgCl
EOCP

(V)

As delivered 9.45 ± 0.36 −1.05 ± 0.01 −1.02 ± 0.01
Furnace-cooled 7.01 ± 0.23 −1.06 ± 0.01 −1.02 ± 0.01

Air-cooled 5.47 ± 0.9 −1.06 ± 0.01 −1.03 ± 0.01
Water-quenched 4.74 ± 0.20 −1.07 ± 0.01 −1.05 ± 0.02
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Figure 6. Example potentiodynamic polarization curves of the as-delivered Zn-4Al alloy and
heat-treated at 300 ◦C in 5% NaCl solution. In the curve of the sample polarized to the highest
potential value, the potential values (relative to Ecorr) were marked where polarization was stopped.

3.4. SEM Surface Evaluation after Corrosion Tests

The surfaces of the as-delivered material after electrochemical study were examined using SEM.
Samples whose anodic polarization was terminated at different potential values were examined in
order to illustrate the corrosion progress in chloride-containing media. The results were discussed in
relation to the structural features of the alloys.

Corrosion began locally with the formation of aluminum-rich corrosion products (Figure 7,
Table 3). The microscopic observations of the sample tested after reaching a potential of +150 mV
versus Ecorr, did not permit the determination of which structural features underwent corrosion at this
stage of development. However, the high aluminum content in the corrosion products on the surface
suggested that degradation mainly involved eutectic areas. The formation of aluminum-rich corrosion
products first may be unfavorable from the point of view using the alloy as a biomaterial.

Previous works have reported the preferential oxidation of Al-rich areas [29,33]. Other authors
have shown that the α phase was protected at the initial stages of corrosion due to the formation of a
corrosion product surface film that contained various aluminum-rich phases [24,34–36]. The presence
of chlorine indicates that chlorides play an active role in the formation of corrosion products (Table 3).
The simultaneous presence of Zn, Al, and Cl in the EDX spectra may be attributed to the formation of
Zn2Al(OH)6Cl·2H2O, which has been reported to form during the early stage of corrosion [18]. Other
Authors have observed an Al2(OH)5Cl·2H2O phase [35,36]. In this case, zinc may be associated with
the base material. It is believed that, regardless of the chemical composition, these phases provide
excellent protection against further corrosion.

Based on the electrochemical tests and the above literature data, it can be hypothesized that the
finer Al-base phase in the eutectoid structure may result in the formation of a more compact corrosion
product film that increases the temporary corrosion protection. The formation of a corrosion product
film on the α phase can help reduce the corrosion current density as the distance between eutectoid
components decreases. Consequently, the finer distribution of the two phases that formed during
eutectoid decomposition in the eutectic mixture tended to decrease their corrosion rate.
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(a) 

(b)

Figure 7. (a) SEM image of the surface of a sample after polarization up to a potential of +150 mV vs.
Ecorr. Corrosion initiation areas are visible. The corrosion products are rich in aluminum and chlorine
(marked with point 1 and summarized in Table 3; (b) characteristic X-ray emission spectrum obtained
from point 1 in Figure 7a.

Table 3. Chemical composition obtained from EDX analysis of point 1 in Figure 7a.

Element
Atomic

%
Weight

%

Zn 22.15 45.88
Al 39.14 33.47
O 37.04 18.78
Cl 1.67 1.87

As corrosion progressed and the potential increased to +225 mV vs. Ecorr, the alloy selectively
dissolved. At this stage, due to the formation of an electrochemical cell between the α and η phases,
the eutectoid (α + η) became susceptible to corrosion (Figure 8). Thus, the anode phase was present
only in eutectoid areas, which suggested the α phase. When immersed in the corrosive solution, the
hypoeutectic Zn-4Al alloy displayed Al-rich regions (the phase of the eutectic structure) which acted as
anodic barriers that protected the η phase. Corrosion gradually occurred throughout the entire eutectic
area (Figure 9), which was also reflected by a macroscopically visible color change over the sample
surface where eutectics formed. The selective dissolution of eutectic areas has also been documented
in other works [18,24,37]. Despite this, the local dissolution of η phase dendrites was also observed at
higher magnifications (Figure 9a).
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Figure 8. SEM image of the surface of a sample after polarization up to a potential of +225 mV vs. Ecorr.
Selective dissolution of the eutectoid (α + η) in eutectic areas of the Zn-4Al alloy is visible.

(a)

(b)

Figure 9. (a) SEM image of the surface of a sample after polarization up to a potential of +225 mV vs.
Ecorr. Selective dissolution of the Zn-4Al alloy is visible. The dark areas represent areas in which the
eutectic structure has dissolved. (b) Magnified image.

The sample polarized up to a potential of +300 mV vs. Ecorr experienced more extensive corrosion
of the eutectic areas over its entire surface (Figure 10). At this stage, the dissolution of the η phase and
the revealed α crystals (or products of its corrosion), was observed at the macroscopic scale (Figure 11).
This is consistent with the observations that the lamellar structure enables the storage of corrosion
products in areas of the corroded α phase, thereby delaying the corrosion process in the eutectic η

phase [36]. A higher oxygen content was observed in the dendritic regions (Figure 12). The dendritic η
phase dissolved and underwent anodic dissolution reactions [29] which resulted in a constant increase
of the current density with the increased polarization potential (Figure 6).
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Figure 10. SEM image of the surface of a sample after polarization up to a potential of +300 mV vs.
Ecorr. Corrosion initiation locations of the Zn-4Al alloy are visible. The dark areas represent areas of
the eutectic alloy affected by corrosion.

 

Figure 11. Stereoscopic image of a sample after polarization up to a potential of +300 mV vs. Ecorr.
Selective dissolution of the dendritic η phase at the macroscopic scale.

 

Figure 12. SEM and EDX images showing the distribution of elements on the sample surface after
polarization up to the potential +300 mV vs. Ecorr: (a) SEM image merged with zinc and aluminum, (b)
zinc, (c) aluminum, (d) oxygen. Element-rich areas are darker in the image.
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After reaching a potential of −675 mV vs. Ag/AgCl (+450 mV vs. Ecorr) the current density
decreased on the potentiodynamic curve (Figure 6). The SEM observations of samples tested at a
higher potential revealed that at this stage, corrosion extended to all structural constituents (Figure 13).
Due to the selective dissolution of the η phase and the macroscopic exposure of (α + η) eutectoid areas,
surface topography was observed (Figure 14). These microscopic observations suggest the anodic
character of the η phase relative to the α phase in the corrosive solution at this stage of corrosion.
Zn+ ions are formed in the Zn-rich phase (η) due to anodic reactions: Zn→ Zn2+ + 2e−, while the
Al-rich phase (α) is expected to be responsible for the cathodic reactions: O2 + 2H20 +4e− → 4OH−.
This indicates that despite the initiation of corrosion in areas of the α phase, there is a change in the
η phase polarity and its corrosion. This is most likely due to the formation of a corrosion product
film on the surface of the α phase that protects it from further corrosion, in accordance with other
works [18,24,34]. Thus, changing the anodic zone polarity due to the formation of a protective film can
be used in corrosion protection [38].

 

Figure 13. The surface of a sample after polarization up to a potential of +450 mV vs. Ecorr. Changes
on the sample surface due to corrosion are visible over the entire alloy surface. SEM.

 
Figure 14. 3D SEM topography of the sample surface after polarization up to a potential of +450 mV
vs. Ecorr. The image based on “shape from shading” technology shows the selective dissolution of the
η-phase and a macroscopic exposure of the eutectic structure. Blue indicates the lowest areas, while red
represents the highest features.

4. Discussion

The results were intended to discuss the effect of the cooling rate of a Zn-4Al alloy on the corrosion
processes at the eutectoid transformation temperature. The main comments are as follows:

1) The microstructure of the material was typical for hypoeutectic cast Zn-Al alloys and was
composed of a dendritic η-phase: Zn(Al) solid solution and lamellar (α + η) eutectoid. It
contained the products of the eutectoid reaction which transformed the γ phase to (α + η) at
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275 ◦C. Increasing the susceptibility to corrosion by increasing the aluminum content in Zn-Al
alloys has been reported in the previous literature [5,19] which may be associated with an
increased volumetric fraction of the (α + η) eutectic. Upon progression of the corrosion process,
the (α + η) eutectoid structure in eutectic areas was attacked first and subjected to intense
corrosion. Therefore, increasing the eutectic volumetric fraction should deteriorate the corrosion
resistance of Zn-Al alloys. The high corrosion tendency of eutectic areas may induce intergranular
corrosion [10,22,23]. In the case of two cooperating details, the accompanying pulverisation
promotes the penetration of material fragments and the corrosion products into the friction
area [22,23].

2) Different cooling rates affected the hardness of samples annealed at 300 ◦C. Water quenching
promoted the creation of a finer (α + η) eutectoid structure from the γ phase in eutectic areas of
the Zn-Al alloy and obtained higher hardness values. Slower cooling formed a coarser eutectic
structure in the alloy, which translated into a lower hardness. After furnace cooling, a hardness
similar to the as-cast material was obtained. Heat treatment at 250 ◦C showed no effect on the
hardness of the Zn-4Al alloy.

3) A finer eutectoid structure decreased the corrosion current density Icorr compared with a coarse
structure, which indicates that the short phase distances of eutectoid structures may contribute to
the protection of the anode phase and reduce the corrosion rate. The corrosion potential Ecorr

remained rather constant, although a slight decrease was observed.
4) In the initial corrosion stage, the α-phase Al-base solid solution served as the anode in a formed

corrosion microcell in the examined corrosive environment. As corrosion further developed, it
extended over the entire alloy surface. Thus, it can be stated that the dissolution of the η phase
was the preferred corrosion mode due to anodic dissolution reactions. This phenomenon may
have been related to the formation of an α-phase corrosion product film. The formation of this
film can also explain the lower corrosion current density due to a decrease in the cathode activity
due to a smaller distance between eutectoid components.

5) If there is an anode phase whose fragments are fine and homogeneously distributed within
the grain, corrosion will lead to their dissolution and the material eventually becomes
quasi-homogeneous. A very different situation takes place for large η phase dendrites which
occurs in the microstructure of Zn-Al alloy. In this case, corrosion develops involving these
structural elements, which decrease the cross-sections of components made of this material.

5. Conclusions

A finer eutectoid structure was shown to improve the corrosion resistance of the Zn-4Al alloy,
which indicates that the small phase distances between the eutectoid structures may help protect the
anode phase. Importantly, this was also accompanied by an increase in the alloy hardness. This issue
is important from the point of view of the heat treatment design of machine components exposed to
chloride ions.

Although corrosion was initiated in the α-phase, the polarity of the η-phase changed, and its
corrosion was observed. This was most likely due to the formation of a corrosion product film on the
surface of the α phase that protected it from further corrosion. A scheme of the corrosion mechanism
is presented in Figure 15.
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Figure 15. Schematic illustration of the corrosion mechanism based on as-delivered Zn-4Al alloy.
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Abstract: In this study, we examined the relationship between the effect of a zinc coating on protecting
carbon steel against biofilm formation in both air and water environments. SS400 carbon steel coupons
were covered with a zinc thermal spray coating or copper thermal spray coating. Coated coupons were
exposed to either air or water conditions. Following exposure, the surface conditions of each coupon
were observed using optical microscopy, and quantitatively analyzed using an x-ray fluorescence
analyzer. Debris on the surface of the coupons was used for biofilm analysis including crystal violet
staining for quantification, Raman spectroscopic analysis for qualification, and microbiome analysis.
The results showed that the zinc thermal spray coating significantly inhibited iron corrosion as
well as biofilm formation in both air and water environments. The copper thermal spray coating,
however, accelerated iron corrosion in both air and water environments, but accelerated biofilm
formation only in a water environment. microbially-influenced-corrosion-related bacteria were barely
detected on any coupons, whereas biofilms were detected on all coupons. To summarize these results,
electrochemical corrosion is dominant in an air environment and microbially influenced corrosion is
strongly involved in water corrosion. Additionally, biofilm formation plays a crucial rule in carbon
steel corrosion in both air and water, even though microbially-influenced-corrosion-related bacteria
are barely involved in this corrosion.

Keywords: thermal spray; corrosion; zinc; copper; steel

1. Introduction

Zinc coatings are widely used in building products for the anti-corrosive treatment of steel.
Zinc coatings mainly protect steel against corrosion through barrier and galvanic protection effects [1].
In general, a metallized zinc coating can produce a thicker layer than a galvanized one [2],
which guarantees beneficial effects for resistance to corrosion. The thermal coating of zinc is one type of
metallic zinc coating, which is commonly applied to bridges and marine structures where atmospheric
corrosion is likely to be accelerated by soluble salts such as sodium chloride [3].

Biofilm formation also enhances the metallic corrosion of steels [4]. Biofilms refer to microbially
produced three-dimensional structures that consist of water (over 80%), microbes, and extracellular
polymeric substrates (EPSs) produced by the microbes [5]. Biofilm-related corrosion is also referred to
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as biocorrosion or microbially influenced corrosion (MIC). Several mechanisms for MIC have been
proposed, as follows: galvanic cells, differential aeration or chemical concentration cells, acidity
of organic acids derived from bacterial metabolites, secretion of H2S, NH3, or PH3 from bacteria,
enzymatic oxygen reduction reactions, and direct extraction and consumption of electrons from iron [6].

Many studies have investigated either electrical corrosion or MIC [7–15], however, none have dealt
with a combination of them. In this study, we investigated a corporate-steel corrosion mechanism that
connects the gap between electrical corrosion and MIC under both air atmosphere and water-immersion
conditions. At the same time, we examined the inhibitory effect of the zinc thermal spray coating on
steel corrosion in comparison with a copper thermal spray coating. The reason why we tested the
copper thermal spray coating was that we expected that copper would postpone and (or) regulate MIC.
Some researchers have reported that copper can inhibit microbial activities of some bacteria [16–18].
Additionally, we found that copper downregulated the biofilm formation of marine living bacteria [19].
In order to elucidate the steel corrosion mechanism, we analyzed the corroded test sites by microscopic
observation and energy-dispersive x-ray (EDX) analysis; we also analyzed any biofilms formed using a
combination of quantitative and qualitative methods to explore the microbiome.

2. Materials and Methods

2.1. Thermal Sprayed Coupons

JIS SS400 carbon steel plate coupons (10 cm× 10 cm, thickness 1 mm, Sakai Netsu-Giken, Tsu, Japan)
were subjected to a zinc or copper coating using a wire flame spraying process at TOCALO Co. Ltd.
(Kobe, Japan). The thickness of the sprayed layer was about 1 mm. For the remainder of this manuscript,
we refer to SS400 carbon steel plate, zinc thermal spray-coated SS400 carbon steel plate, and copper
thermal spray-coated SS400 carbon steel plate, as SS400, Zn-coated, and Cu-coated, respectively.

2.2. Outdoor Exposure Test

Each coupon was put on an acrylic plate (Sakai Netsu-Giken) with two corners held in place
by stainless steel clamps (Sakai Netsu-Giken). The acrylic plates were fixed on a wooden board at a
distance of 5 cm from the board (Figure 1). This board was then left on the rooftop deck of a building
(10 m tall) at the National Institute of Technology, Suzuka College (34.8502 N, 136.58132 E), located
2 km from the Shiroko coast, for two months (from 1 December 2016 to 31 January 2017).

 

Figure 1. The apparatus for the outdoor exposure test. 1: SS400; 2: Zn-coated; 3: Cu-coated.
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2.3. Aquatic Immersion Test

SS400 and each coated coupon were cut into 2 cm × 1 cm rectangles using a shearing machine
(Komatsu, Kanazawa, Japan). Non-coated sides were masked using silicone sealant (Cemedine Co.
Ltd., Tokyo, Japan). We used an open laboratory biofilm reactor (LBR) [20] for aquatic biocorrosion
accelerated testing (Figure 2). This open LBR was made by Sakai Netsu-Giken, and consisted of a
cylindrical column, a water tank, an air fan, and a pump. Each coupon segment was secured to an
acrylic holder with an acrylic screw pin. The holder was inserted into an acrylic column that was
connected to polyvinylchloride (PVC) pipes at either end. The water tank held approximately 50 L of
tap water, and this water was circulated through the open LBR at 6 L/min, at 37 ◦C for seven days.
One patterned holes plate was placed between the water tank and one end of the PVC pipe, which
could trap microbes in the atmosphere drawn in by the air fan.

Figure 2. The laboratory biofilm reactor (LBR). (a) Photo image of the LBR. (b) The outline of the LBR.
Arrows indicate water flow.

2.4. Observation of Morphology and Element Visualization on the Surface of Coupons

The surface morphology of coupons was investigated using field emission scanning electron
microscopy (FE-SEM, Hitachi, Tokyo, Japan). In preparation for SEM observation, each coupon was
ultrasonically rinsed in acetone to remove contaminants such as corrosion products. To detect specific
elements such as calcium and silicon that originate from biofilms [21], iron, silicon, calcium, and zinc
or copper were visualized using the mapping function of EDX (Hitachi, Tokyo, Japan) attached to
the FE-SEM.

2.5. Quantification of Elements on the Surface of Coupons

The amount of each element on the surface of the coupons was evaluated three times using an
x-ray fluorescence analyzer (Hitachi, Tokyo, Japan).

2.6. DNA Extraction

A PowerSoil® DNA isolation kit (MO Bio Laboratories, Carlsbad, CA, USA) was used for DNA
extraction from biofilms formed on the surface of each specimen, whether from the outdoor exposure
test or the aquatic biofilm formation test. For the outdoor exposure test, DNA was extracted from
deposits on the surface of each outdoor-exposed coupon from two individual areas of each coupon.
Biofilm samples from each specimen were scratched off using a sterile spatula, and collected in a
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PowerSoil® Bead Tube. Sixty μL of C1 solution was added to each tube, tubes were then inverted
several times, secured to a bead crusher (TITEC, Koshigaya, Japan), vortexed at 4600 rpm for 1 min,
and placed on ice. The vortexing and cooling step was repeated nine more times. Any DNA present in
the tubes was then purified according to a previously reported protocol [19]. The concentration of
the purified DNA solution was measured using a Qubit fluorometer (Thermo Fisher Scientific Inc.,
Waltham, MA, USA) and a dsDNA high sensitivity (HS) assay kit (Thermo Fisher Scientific, Waltham,
MA, USA).

2.7. 16S rRNA Gene-Based Bacterial Community Analysis

The experimental procedure performed according to our previous study in Antibiotics [22].

2.8. Raman Spectroscopy Analysis

Before and after exposure testing, the surface of each coupon was observed at 5-fold or 100-fold
magnification using the attached microscope of a laser Raman spectroscope (NRS-3100, JASCO
Co., Tokyo, Japan). The surfaces were then irradiated with laser light at approximately 649 cm−1

(500–2500 cm−1) for 0.3 s, and the Raman reflection was measured. About non-exposure tested coupons,
five points (in the vicinities of the center and the four corners) were randomly selected for each coupon.
Regarding the exposure tested coupons, five spots where deposits were observed were selected for
each coupon.

2.9. Quantitative Biofilm Formation

After Raman spectroscopic analysis, one section (1 cm × 5 cm) was cut out of each post- exposed
coupon. After taking photos, each coupon section was soaked in 0.1% crystal violet solution for
30 min at 25 ◦C. Treated samples were removed from the solution and rinsed with tap water to remove
non-specifically absorbed stain from the surface. Samples were dried for 10 min on a paper towel,
then Scotch® mending tape (3M Japan, Tokyo, Japan) was affixed to the polymer-coated side. Thirty
minutes later, the tape was removed and affixed to a glass slide. The stained area was measured at
five positions using a color reader CR-13 (KONICA MINOLTA, Inc., Tokyo, Japan) from the opposite
side to the tape affixed on the glass slide. White paper was used for calibration. Measured data
were described using the L*a*b* color system: L* represents lightness (calibration value was 100),
a* represents the red/green coordinate (calibration value was zero), and b* represents the yellow/blue
coordinate (calibration value was zero). If the color is violet, a* assumes a positive value and b* a

negative value. We calculated the three-dimensional vector values (i.e.,
√
(a∗)2 + (b∗)2 + (100− L∗)2)

to infer the extent to which the sample formed a biofilm, indicating how a sample formed a biofilm [23].

3. Results and Discussion

3.1. Outdoor Exposure Tests

All coupons were placed on a roof terrace for two months. The surface color of the SS400 coupons
changed from a shiny gray to a drab gray, yellowish gray, and partly rubric brown. The surface
color of Cu-coated coupons also changed from shiny bronze to a drab dark brown and rubric brown.
The surface color of the Zn-coated coupons changed from a shiny blueish gray to a drab light gray and
were partly white (Figure 3). Generally, the color of iron oxides varies according to their oxidative
condition. When water and oxygen are present, red-brown-colored rust occurs [24], while zinc oxide is
white in color and insoluble in water [25]. Considering this information, the brown-colored area on the
SS400 coupons and Cu-coated coupons was probably deposited iron rust such as Fe(OH)3. In addition,
Cu-coated coupons were covered with larger brown-colored areas than SS400, while there were no
brown-colored areas on the surface of Zn-coated coupons. These observations indicated that Cu-coated
coupons were more corroded than the SS400 coupons, whereas Zn-coated coupons were not corroded.
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Furthermore, the surfaces of the Zn-coated coupons were covered with zinc oxide and were therefore
in a passive state.

 

Figure 3. Digital photo images of the outdoor-exposed specimens.

Next, we observed the surface conditions of the coupons both before and after outdoor exposure
testing using an optical microscope (Figure 4). For the before outdoor-testing samples, SS400 showed a
flat surface; Zn-coated coupons were almost completely covered with the zinc thermal sprayed coating,
although some silver color parts of the SS400 basal plate were observed; while the Cu-coated coupons
were covered with the copper thermal sprayed coating, but also showed some silver parts as well
as red-brown-colored parts, which were probably the SS400 basal plate and iron rust, respectively.
The iron rust would be made on the surface of the Cu-coated coupons. As the Cu-coated coupons were
very iron corrosive, it would suffer iron corrosion before the test. The surface of a thermal spray coated
specimen is irregularly shaped and has gaps because the sprayed metals are aggregated and attached
on the surface of a substrate. When moisture exists on the Cu-coated coupon, the coating element
(Cu) and the substrate (Fe) are simultaneously immerged in a water solution. Then, Fe becomes an
ionized state according to ionization tendency. Ionized irons move to the surface of the Cu-coated
coupon through the gaps of spray-coating, and combine with oxygen to form iron oxides there. For the
after outdoor-testing samples, the surface of the SS400 coupons showed many small pits (<0.1 mm),
cracks, and large holes (3–5 mm). Some parts of the large holes were covered with semi-opaque brown
sediments. Zn-coated coupons showed a very rough surface that was white-blue in color, with no silver
or brown areas. The Cu-coated coupons also showed a very rough surface, with some parts that were
dark brown in color and other parts red-brown. Since pits and holes signify corrosion, and brownish
sediments suggest iron rust, the SS400 coupons and Cu-coated coupons incurred iron corrosion, while
the Zn-coated coupons incurred zinc corrosion (i.e., the surfaces of Zn-coated coupons were covered
with zinc oxide). It appeared that the Cu-coated coupons were more aggressively corroded than the
SS400 coupons. Figure 5 shows the SEM images of the surfaces of the SS400, Cu-, and Zn-coated
coupons, before and after outdoor exposure testing. Polishing scratches were observed on the SS400
coupons before exposure testing (Figure 5a). Weld splashes of thermally sprayed materials such as
copper and zinc were observed in the Cu- and Zn-coated coupons before exposure testing (Figure 5b,c).
In addition, many pores were observed on the Cu-coated coupons, which indicated that the density
and adhesion of the thermally sprayed layer was low. All coupons were covered with corrosion
products following outdoor exposure testing (Figure 5d–f). Iron oxides were detected on the surface of
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the SS400 and Cu-coated coupons following outdoor exposure testing, while zinc oxides were detected
on the surface of the Zn-coated coupons. According to the microscopic images, it was confirmed that
the SS400 and Cu-coated coupons underwent iron corrosion, while the Zn-coated coupons underwent
zinc corrosion.

 

Figure 4. Optical microscopy images of the surface of the specimens before and after outdoor exposure
tests. Each white bar represents 5 mm. A green center point is a laser-irradiated spot.

 

Figure 5. SEM images of the surface of coupons before (a–c) and after (d–f) outdoor exposure. (a) and
(d) SS400; (b) and (e) Cu-coated; (c) and (f) Zn-coated.

Next, sediments on the surfaces of the outdoor-exposed coupons were identified as biofilms by
Raman spectroscopic analysis, with the amount of biofilm then quantified using crystal violet staining.
In addition, DNA extracted from the sediments was used for bacterial microbiota analysis.

A biofilm consists of water (~80%), microbes, and exstracellular polymeric substances (EPSs). EPSs
are a mixture of polysaccharides, extracellular DNA (eDNA), lipids, and proteins [26], and they persist
even if biofilm-forming bacteria disappear from a mature biofilm. Since many EPS components can be
detected by Raman spectroscopy, several Raman peaks derived from lipids, nucleic acids, proteins, and
polysaccharides have been reported [27–35]. Since most reported Raman peaks involving biological
components have been detected at 500–1800 cm−1, there is unfortunately relatively little information
about biological components in the range of 1900–2300 cm−1. Figure 6 shows the results of Raman
spectroscopic analysis of outdoor-exposed coupons. All coupons were found to have several Raman
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peaks derived from EPSs. For SS400 coupons, amide III-derived peaks (1199–1347 cm−1) [34] had the
strongest relative intensity. For Zn-coated coupons, peaks in the >1700 cm−1 region were stronger than
those in the <1700 cm−1 region, with the >1700 cm−1 region including carbonyl compound-related
peaks (1706–1918 cm−1) [34] and OH–NH–CH stretching vibration peaks associated with nucleic
acids (2313–2500 cm−1 in SS400 coupon, 2290–2498 cm−1 in Cu-coated coupon, 2292–2500 cm−1 in
Zn-coated coupon) [32]. For the Cu-coated coupons, tyrosine-derived peaks (643–696 cm−1) [29]
were the strongest. According to these results, biofilms existed on the surfaces of the SS400, Zn-,
and Cu-coated coupons following the outdoor exposure testing, however, the EPS contents probably
differed among them.

Figure 6. Cont.
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Figure 6. Raman peaks of sediments on the surface of the coupons following outdoor exposure testing
(red line). Black lines show the Raman peaks of the surface of the specimens before the test. Detected
Raman peaks after the test were assigned to related chemical bonds of compounds according to
information in references [27–35]. N: nucleic acids; L: lipids; P: proteins; S: polysaccharides.

Crystal violet staining is one of the methods used for biofilm biomass quantification [36].
The density of crystal violet staining was measured using a colorimeter, then the modulus of the

combination of chromaticity value and brightness (
√
(a∗)2 + (b∗)2 + (100− L∗)2) was calculated. When

a biofilm is stained using crystal violet, the color changes to violet and the transparence is lower
(i.e., chromaticity of a* is positive value, that of b* is negative value, and brightness, L*, is lower

than 100). If a biofilm becomes thicker (mature),
√
(a∗)2 + (b∗)2 + (100− L∗)2 is larger. Therefore,

the amounts of biofilms can be quantified using the value of
√
(a∗)2 + (b∗)2 + (100− L∗)2. The value

for the Zn-coated coupons was significantly smaller than that of the SS400 coupons, the value for
the Cu-coated coupons, however, was similar to that of the SS400 coupons (Figure 7). This result
indicated that the Zn-coated coupons had a lower biofilm formation than the SS400 and Cu-coated
coupons. Kanematsu et al. reported that Pseudomonas aeruginosa and Pseudoalteromonas carageenavara
formed biofilms on the surface of SS400 much more than that of the other metal plated steels such as
tin-, copper-, and zinc-plated ones, and iron (ion) could pull these bacteria better than other metals
including tin, copper, and zinc [37]. In this study, iron oxide was detected on the surface of the coupons
and that of the Cu-coated coupons after the outdoor exposure test (Figure 5), on the other hand, zinc
oxide was detected on the surface of Zn-coated coupons. Therefore, it was probably that the surface of
SS400 coupons and that of Cu-coated coupons were rich in iron (ions), but that of Zn-coated coupons
was poor in iron, resulting in the difference of biofilm formation among these coupons.

192



Materials 2020, 13, 923

Figure 7. Biofilm quantification of outdoor-exposed coupons. Each column shows the mean of the

modulus of
√
(a∗)2 + (b∗)2 + (100− L∗)2 (n = 5). Zn and Cu mean Zn-coated coupons and Cu-coated

coupons, respectively. Error bars show the standard deviation. Student’s t-test was performed between
the SS400 coupons and Zn-coated coupons or SS400 coupons and Cu-coated coupons. P means
the p-value.

16S rRNA gene analysis was performed to reveal which bacterial groups were related to biofilm
formation and microbially influenced corrosion (MIC). Some species are known to be MIC-related
bacteria. For example, Pseudomonas aeruginosa can induce MIC on steel and stainless steel under aerobic
conditions [10,38,39]; sulfate-reducing bacteria (SRB) such as Desulphovibrio vulgarius produce H2S,
which triggers iron ionization under anaerobic conditions [40,41]; sulfur-oxidizing bacteria such as
Acidithiobacillus thiooxidans (old name: Thiobacillus thiooxidans) produce sulfuric acid which increases
acidity and induces iron oxidization [6,42,43]; and iron-oxidizing bacteria such as Callionella and
Leptothrix oxidize iron [6,44]. Desulphovibrio, Acidithiobacillus, Pseudomonas, Callionella, and Leptothrix
belong to the orders Desulfovibrionales, Acidithiobacillales, Pseudomonadales, Nitrosomonadales,
and Burkholderiales, respectively. Figure 8 shows the results of bacterial microbiome analysis related
to outdoor-exposed coupons. The most abundant bacterial orders were Actinomycetales (25%, #2 in
Figure 8) and Burkholderiales (25%, #18 in Figure 8) in SS400–1; Actinomycetales (26%) in SS400–2;
Bacillales (32%, #11 in Figure 8) and Burkholderiales (32%) in Cu-coated–1; Pseudomonadales (49%) in
Cu-coated–2; Burkholderiales (29%) in Zn-coated–1; and Flavobacteriales (18%, #4 in Figure 8) and
Pseudomonadales (17%, #21 in Figure 8) in Zn-coated–2. In these three kinds of coupons, bacterial
order occupancies were very different between one area and the other, even on the same coupon.
However, some common bacterial orders, namely Actinomycetales, Bacillales, and Pseudomonadales
were detected on all coupons, although the degrees of occupancy were different among them.
Actinomycetales and Pseudomonadales are dominant bacterial orders in soil communities [45,46].
From this, it can be inferred that major bacterial groups detected from the biofilms came from soil
carried by the wind. In addition, Bacillales can survive starvation by forming dormant and resistant
spores [47], therefore, Bacillales probably survived as spores in the biofilms of all samples. The top
three most abundant genera in each sample are summarized in Table 1. The second-most abundant
genus, Pseudomonas, seen on Zn-coated-1, was the only MIC-related bacteria, however, most bacteria
are reported as being able to form biofilms [48–52]. These findings imply that MIC-related bacteria
existed in very low quantities in the biofilms formed on these coupons and were rarely involved in the
corrosion. Additionally, the abundant genera of biofilm-forming bacteria were very different in samples
with the same coated coupons, indicating that biofilms were partly removed from the surface of the
coupons when corrosive products (rusts) were eroded by wind or rain during the exposure period.
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Figure 8. OTU abundance percentages of outdoor-exposed coupons. Bacterial orders present
at <1.0% and unassigned OTUs are excluded from each column. (1) Unknown member of
Acidobacteria-5; (2) Actinomycetales; (3) Gaiellales; (4) Flavobacteriales; (5) Sphingobacteriales;
(6) Saprospirales; (7) G30-KF-AS9; (8) Streptophyta; (9) Stigonematales; (10) Chroococcales;
(11) Bacillales; (12) Lactobacillales; (13) Clostridiales; (14) Pirellulales; (15) Rhizobiales;
(16) Rhodospirillales; (17) Sphingomonadales; (18) Burkholderiales; (19) Campylobacterales;
(20) Legionellales; (21) Pseudomonadales; (22) Xanthomonadales; (23) Chthoniobacterales.

Table 1. Abundant genera of the outdoor-exposed coupons. Each column indicates the assigned genus
name and percentage occupancy in parentheses. The numbers in brackets indicate the occupancy of
each genus (%).

Rank SS400-1 SS400-2 Cu-Coated-1 Cu-Coated-2 Zn-Coated-1 Zn-Coated-2

1st Bacillus
(19.8)

Staphylococcus
(15.9)

New someone of
Oxalobacteraceae

(18.7)

Acinetobacter
(47.9)

New someone of
Oxalobacteraceae

(19.5)

Acinetobacter
(17.0)

2nd
New someone of
Oxalobacteraceae

(14.8)

Peptoniphilus
(9.1)

Rhodoplanes
(17.8)

New someone of
Chitinophagaceae

(8.4)

Pseudomonas
(19.0)

New someone of
JG30-KF-AS9

(order)
(16.1)

3rd
Someone of

Intrasporangiaceae
(12.9)

Corynebacterium
(8.9)

Bacillus
(16.7)

New someone of
Ruminococcaceae

(7.8)

Janthinobacterium
(6.7)

Coprococcus
(14.3)
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In the outdoor exposure test, Cu-coated coupon was the most iron corroded followed by SS400
coupon, while Zn-coated coupon was barely iron corroded at all because of the sacrificial corrosion
of zinc. The amount of biofilm on Zn-coated coupons was significantly lower than that on the SS400
coupons. These results implied that the tendency for iron corrosion was negatively correlated with
that of biofilm formation. Meanwhile, the abundance of MIC-related bacteria was unrelated to the
tendency for corrosion. Considering the little relationship between biofilm formation and corrosion,
chemical corrosion (i.e., non-MIC) would dominantly progress than MIC on the surface of specimens
under outdoor-exposed condition, and biofilms would play an important role in triggering corrosion
because biofilms can store water, a crucial factor for corrosion in steel [53]. In addition, the outdoor
exposure testing position was located 2 km from Ise Bay, so the air would be rich in sodium chloride,
an accelerating factor for corrosion in atmospheric conditions (ionic conditions) [54]. Generally,
the initiation of corrosion needs ionization, which tends to occur in aquatic conditions. Biofilms can
retain moisture from the air on the surface of the coupons, which makes iron ionization easier. Based on
these factors, we inferred a corrosion process under outdoor exposure conditions as follows (Figure 9).
First, environmental bacteria were carried to the surface of SS400, Zn-, and Cu-coated coupons by
the wind (Step 1). Next, these organisms attached to the surfaces, proliferated, and produced EPSs,
resulting in biofilms (Step 2). The process of corrosion is the result of electrochemical reactions i.e.,
an iron atom changes its oxidation state, then ionized iron is released from the solid surface and
combines with H2O to form iron oxide (iron rust) [55,56]. The dissolution of iron atoms into iron ions
would depend on the porosity of the surface films, and the potential difference between the substrate
metal (iron) and the film constituent (metal used for thermal spray coating). Since thermal spray coated
films are generally porous, the results differ from the kinds of coated metal to metal. The initiation of
corrosion needs water and oxygen. Biofilms act as water storage locations where metals are dissolved
and transformed, resulting in mineral formation [6], according to the ionization tendency of zinc,
iron, and copper. Zinc is more easily ionized than iron, therefore it occurs as insoluble zinc oxide or
zinc hydroxide, which will cover the surface of the Zn-coated coupons, terminating any further iron
ionization. Meanwhile, iron is more easily ionized than copper, therefore the surface of the Cu-coated
coupon was more corroded than that of SS400 coupon (Step 3). Indeed, the surfaces of the Cu-coated
coupon showed more rust than those of SS400 coupon. At the same time, sodium chloride in the
atmosphere dissolved in the biofilms and accelerated electrochemical corrosion (Step 4).

3.2. Aquatic Immersion Tests

All specimens were set in the open LBR, where tap water was circulated for seven days. The surface
of the SS400 coupons had some brown-colored spots (iron rust), the surface of the Cu-coated coupons
had more brown-colored spots than that of SS400 coupons, while the surface of the Zn-coated coupons
was mostly covered in green or brown-colored sediments (Figure 10). In the optical microscopy images
obtained following the LBR immersion test, black-colored concentric holes (about 2.5 mm diameter)
were observed on the surface of the SS400 coupons, dark brown-colored pockets (>3 mm-long axes)
were observed on the surface of the Cu-coated coupons, whereas most parts of the surfaces of the
Zn-coated coupons were covered with brown or green-brown-colored sediments, while the remainder
on the Zn-coated coupons were white-blue in color (Figure 11). Brown-colored holes/pockets seemed
to be corroded, whereas green-brown-colored sediments seemed to be cyanobacteria-rich biofilms.
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Figure 9. Predictive corrosion progression of the SS400 coupon, Zn-coated coupon, and Cu-coated
coupon under outdoor conditions.

 

Figure 10. Digital photometric images of the surface of LBR-immerged coupons.
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Figure 11. Optical microscopy images of the surface of the LBR-immerged coupons. Each white bar
represents 5 mm.

SEM analysis showed that areas that bulged outward were observed on the surfaces of SS400,
Cu- and Zn-coated coupons post-water-immersion testing (Figure 12). Since SS400, a carbon steel,
consists of carbon and steel, these bulging sediments were obviously iron oxides (i.e., corroded iron
products). In order to confirm whether or not the bulging areas arose from iron oxides or other
compounds, an element mapping was conducted. On the surface of the Cu-coated coupons, areas
with iron corresponded to areas with oxygen and silicon (Figure 13). Meanwhile, on the surface of
the Zn-coated coupons, zinc areas corresponded to areas with oxygen and silicon (Figure 14). These
results indicate that bulging areas of the surface of the Cu-coated and Zn-coated coupons were iron
oxides and zinc oxides, respectively. Interestingly, these oxides were corrosion products. According to
ionization tendency, zinc is more easily ionized than iron, while copper is barely more ionized than
iron. Therefore, Zn-coated coupons and Cu-coated coupons will cause mainly zinc corrosion and iron
corrosion, respectively. Indeed, detected corrosion products reflected the differences in ionization
tendency between zinc and iron, or copper and iron. In addition, Kuroda et al. reported that silicon
was detected with calcium in biofilms in cooling water systems [21]. Considering that silicon and
calcium are derived from tap water, biofilms would be formed on the corroded sites of the Cu-coated
coupons, Zn- coated coupons, and SS400 coupons by tap water and air-trapped bacteria.

 

Figure 12. SEM images of the surface of coupons before (a–c) and after (d–f) LBR immersion testing.
a and d: SS400; b and e: Cu-coated; c and f: Zn-coated.
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Figure 13. Element mapping images of Cu-coated coupons after LBR-immersion testing.

Figure 14. Element mapping images of the Zn-coated coupons after LBR-immersion testing exposure
testing in water.

Next, biofilm formation was measured both quantitatively and qualitatively. Raman analysis
showed that many peaks assigned to EPSs were detected on the surface of all coupons after
water-immersion testing (Figure 15). These results indicated that biofilms formed on the surfaces of
all coupons. Additionally, all coupons showed that relative intensities more than 2000 cm−1 were
higher than those for less than 2000 cm−1, although the pattern of Raman peaks varied among samples.
Considering the results of the Raman peaks, it remains unclear as to how the biofilms formed on the
SS400, Cu-, or Zn-coated coupons were similar (or different), because there is very little information
about Raman peaks in the more than 2000 cm−1 region that have been assigned in EPSs.
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Figure 15. Cont.
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Figure 15. Raman peaks of sediments on the surface of the coupons after LBR immersion testing (red
lines). Black lines show the Raman peaks of the surface of the specimens before the test. Detected
Raman peaks after the test were assigned to related chemical bonds or compounds according to
information in references [27–35]. N: nucleic acids; L: lipids; P: proteins; S: polysaccharides.

Compared with the amount of biofilm that formed on the SS400 coupons, significantly more
biofilms formed on the Cu-coated coupons, while the amount of biofilm that formed on the Zn-coated
coupons was significantly lower (Figure 16). Ranking the three specimens in descending order of
biofilm quantity, the order (Cu-coated coupons > SS400 coupons > Zn-coated coupons) corresponds
exactly to their corrosion tendency. This indicates that the larger the biofilms that form on the surface
of coupons in an aquatic environment, the more corrosion proceeds.

Figure 16. Biofilm quantification of the LBR-immersed coupons. Each column shows the mean of

modulus of
√
(a∗)2 + (b∗)2 + (100− L∗)2 (n= 5). Zn and Cu mean the Zn-coated coupons and Cu-coated

coupons, respectively. Error bars show the standard deviation. Student’s t-test was performed between
the SS400 coupons and Zn-coated coupons or SS400 coupons and Cu-coated coupons. P means
the p-value.
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Bacterial microbiome analysis showed that the occupancy pattern of taxonomic orders was similar
in duplicate microbiomes of Zn-coated coupons and Cu-coated coupons, but not for the SS400 coupons
(Figure 17). Rhodocyclales (#19 in Figure 17) was the most dominant in all samples; its occupancy on the
Cu-coated coupons was just under 40%, while for the SS400 and Zn-coated coupons, it was more than
50%. However, the main dominant genera were different among them (Table 2): for the SS400 coupons,
they were Methyloversatilis and an untitled genus, for Zn-coated coupons it was Methyloversatilis, but for
Cu-coated coupons it was an untitled genus. Additionally, Sphingomonadales and Stramenopiles
were characteristic orders found on the Cu- and Zn-coated coupons, respectively. The main genus of
Sphingomonadales on Cu-coated coupons was Sphingomonas (Table 3), while for Stramenopiles on
Zn-coated coupons, it was an unclassified new genus. Stramenopiles include ecologically important
algae such as diatoms and kelp as well as heterotrophic and parasitic bacteria [57]. Algae are usually
green or brown because of their chlorophylls, which will influence the color of biofilms. Stramenopiles
was an abundant order (about 10%) on Zn-coated coupons, which is probably the reason why the
biofilm on the Zn-coated coupons was green-brown in color (Figures 10 and 11). Many members of
the Rhodocyclales have the capability to remove anthropogenic compounds from the environment
and biological systems (i.e., to utilize various carbon compounds) [58]. Methyloversatilis comprises
three species that can utilize single carbon compounds such as methanol and methylamine, as a
sole source of energy [59–61]. This implies that biofilm-forming bacteria actively participate in the
biodegradation of chemical compounds derived from metal coupons and/or the circulating LBR water.
Moreover, Sphingomonas is known to be a nuisance in copper pipes used in drinking water distribution
systems because it can accumulate copper ions in its cell wall and use these copper ions as binders for
facilitating anodic reactions in the MIC of copper [62]. Sphingomonas paucimobilis is also reported to
be a major biofilm producer [63], but copper can generally kill these bacteria by contact killing [64].
According to these bacterial features, the following story was inferred: a small amount of copper ions
was eluted from the surface of Cu-coated coupons where Sphingomonas was preferentially drawn,
forming a biofilm. Subsequently, a member of Rhodocyclales was recruited and became dominant due
to iron ions eluted from the surface of the Cu-coated coupons, and attached to the biofilm, resulting in
the progression of biofilm formation. On the surface of the SS400 coupons, iron ions were eluted and
attracted many kinds of bacteria including the members of Rhodocyclales. Rhodocyclales probably
proliferated dominantly because they could use various carbon compounds, then formed biofilms.
On the surface of the Zn-coated coupons, zinc ions were eluted at the initial stage of this experience
and also recruited some bacteria because zinc is known to be an essential element in many bacteria [65].
Next, the zinc ions bound to oxygen to make zinc oxides that inhibited the elution of zinc ions, which
could limit the biofilm formation. Some bacteria are known as MIC-related bacteria, as listed in the
previous section, for example, Pseudomonas, SRB such as Desulphovibrio, and iron-oxidizing bacteria
such as Acidthiobacillus (Thiobacillus) and Gallionella. As shown in Table 4, few MIC-related bacteria
were found on any of the LBR-immersed coupons. This result indicates that MIC-related bacteria were
not involved in the biofilm formation or corrosion of the coupons in the LBR environment.

Table 2. The OTU percentages of order Rhodocyclales on post LBR-immersed coupons. All assigned
genera are from the family Rhodocyclaceae.

Genus SS00-1 SS400-2 Cu-Coated-1 Cu-Coated-2 Zn-Coated-1 Zn-Coated-2

Azoarcus 0.15 0.09 0 0 0.15 0.19
Azospira 0.02 0.05 0.02 0.02 0.01 0.01

Dechloromonas 1.24 2.17 1.13 1.06 0.67 0.74
Methyloversatilis 39.01 22.25 0.23 0.27 55.31 48.43

Rhodocyclus 0.03 0.01 0 0 0.03 0.03
untitled 16.92 48.76 36.27 34.25 3.74 3.40

new genus 1.57 1.22 0.18 0.12 1.68 1.61
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Figure 17. The OTU abundance percentages on water-immersed coupons. Bacterial orders present
at <1.0% and unassigned OTUs are excluded from each column. (1) Solibacterales; (2) PK29;
(3) Actinomycetales; (4) Cytophagales; (5) Saprospirales; (6) MLE1-12; (7) Stramenopiles; (8) Clostridiales;
(9) Gemmatales; (10) Pirellulales; (11) Caulobacterales; (12) Rhizobiales; (13) Rhodobacterales;
(14) Rhodospirillales; (15) Rickettsiales; (16) Sphingomonadales; (17) Unknown member of
Betaproteobacteria; (18) Burkholderiales; (19) Rhodocyclales; (20) Myxococcales; (21) Unknown
member of VHS-B5-50; (22) Unknown member of SJA-4.

Table 3. The OTU percentages of order Sphingomonadales on post LBR-immersed coupons.

Family Genus SS400-1 SS400-2 Cu-coated-1 Cu-coated-2 Zn-coated-1 Zn-coated-2

Erythrobacteraceae Azoarcus 0 0 0.04 0.03 0 0

Sphingomonadaceae

Novosphingobium 0.07 0.02 0.13 0.15 0.13 0.22
Sphingobium 0.18 0.10 0.11 0.12 1.17 2.31

Sphingomonas 2.08 1.08 19.32 16.58 1.07 1.22
untitled 0.01 0 0.02 0.03 0.01 0.01

new genus 0.05 0.02 0.17 0.14 0.02 0.02

Table 4. The OTU percentages of MIC-related bacteria on post water-immersed coupons.

Family Genus SS400-1 SS400-2 Cu-coated-1 Cu-coated-2 Zn-coated-1 Zn-coated-2

Pseudomonadaceae Pseudomonas 0.01 0 0.01 0 0.01 0
Hydrogenophilaceae Thiobacillus 0 0 0 0 0 0

Gallionellaceae Gallionella 0 0 0 0 0 0
Desulfarculaceae new genus 0 0 0 0 0 0
Desulfobulbaceae new genus 0 0 0 0 0 0

Desulfuromonadaceae untitled 0 0 0 0 0 0
Geobacteraceae new genus 0 0 0 0 0 0
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3.3. Comparison of Corrosion in the Outdoor Exposure Test with that of the Water-Immersion Test

In both the outdoor exposure test and the water-immersion test, the Cu-coated coupons were
the most intensively corroded, while the Zn-coated coupons were almost entirely covered with zinc
oxide, and not iron oxide. This iron corrosion tendency of the Cu-coated coupon, Zn-coated coupon,
and SS400 (Cu-coated coupon > SS400 coupon > Zn-coated coupon) was negatively correlated with
the ionization tendencies of zinc, iron, and copper (zinc > iron > copper). Biofilms were detected on
all coupons following exposure outdoors or in water, with the Zn-coated coupon found to have the
smallest amount of biofilm in both trials. Based on these results, it seems likely that biofilm formation
was initially involved in corrosion in both the outdoor and the water exposure tests. However,
electrochemical corrosion was the dominant process in the outdoor exposure tests, while MIC was the
dominant process in the water exposure tests. Indeed, a mixture of silicon and calcium was detected
on the surface of the water-exposed SS400, Cu-, and Zn-coated coupons (Table 5). Based on a previous
report that calcium and silicon are constituent elements of biofilms [21], biofilms formed well on the
surface of the coupons immersed in water. After the exposure tests, the presence of coating elements
(copper and zinc) decreased, while that of iron simultaneously increased. The range of decreases and
increases was higher for the water exposure tests compared with the outdoor exposure tests. These
results showed that an aquatic environment accelerated MIC more than an atmospheric environment.

Table 5. Main components of the surface of each coupon before and after the exposure tests (mass %).

Coupon Test Type
Element

Fe Cu Zn Ca Si

SS400
before 100 0 0 0 0

outdoor exposure 99.98 0 0 0.02 0
water exposure 98.41 0 0 0.36 1.23

Cu-coated
before 0.68 99.01 0 0 0.31

outdoor exposure 6.27 93.73 0 0 0
water exposure 11.34 77.95 0 8.46 2.25

Zn-coated
before 0.09 0 99.52 0 0.39

outdoor exposure 0.13 0 99.17 0 0.70
water exposure 0.33 0 90.23 2.84 6.60

4. Conclusions

In this study, we investigated the effect of zinc thermal spray coated carbon steel (Zn-coated)
and copper thermal spray coated carbon steel (Cu-coated) on iron corrosion in air or an aquatic
environmental condition. We also explored which factor(s) such as biofilm formation (MIC) and
ionization tendency (electrochemical corrosion) worked dominantly in iron corrosion. We expected
that the Zn-coated and Cu-coated could inhibit iron corrosion due to the sacrificial corrosion of zinc
and contact killing of biofilm-forming bacteria, respectively. In both air and water environments,
the Zn-coated inhibited iron corrosion, but the Cu-coated accelerated iron corrosion, which was
negatively correlated to ionization tendency (i.e., Zn > Fe > Cu). The dominant factor of iron
corrosion will be electrochemical corrosion in the air environment and MIC in the water environment,
however, it is probable that biofilm formation plays an important role in iron corrosion. In an air
environment, biofilms can store water (moisture) that makes galvanic cells elute metallic ions according
to ionization tendency. In a water environment, biofilms can accelerate iron corrosion caused by
bacterial metabolites [66]. MIC-related bacteria have been found in specific environments such as
oil tanks and water systems of nuclear power plants. In this study, MIC-related bacteria were barely
detected in the biofilms formed on the surface of the Zn-coated, Cu-coated, and carbon steel. This
implies that biofilm formation is an essential factor for iron corrosion, but MIC-related bacteria are not
always necessary for it. Additionally, iron ions can predominantly attract bacteria more than zinc ions
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and copper ions, therefore, inhibiting the elution of iron (ions) will be an effective approach to regulate
biofilm formation as well as iron corrosion.
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Abstract: This study evaluates mechanisms of biogenic mineral formation induced by bacterial iron
reduction for the stabilization of corroded iron. As an example, the Desulfitobacterium hafniense strain
TCE1 was employed to treat corroded coupons presenting urban natural atmospheric corrosion,
and spectroscopic investigations were performed on the samples’ cross-sections to evaluate the
corrosion stratigraphy. The treated samples presented a protective continuous layer of iron phosphates
(vivianite Fe2+

3(PO4)2·8H2O and barbosalite Fe2+Fe3+
2(PO4)2(OH)2), which covered 92% of the surface

and was associated with a decrease in the thickness of the original corrosion layer. The results
allow us to better understand the conversion of reactive corrosion products into stable biogenic
minerals, as well as to identify important criteria for the design of a green alternative treatment for
the stabilization of corroded iron.

Keywords: iron corrosion; SEM; Raman spectroscopy; biogenic minerals; bacterial iron reduction;
cultural heritage; conservation-restoration; corrosion stabilization

1. Introduction

Cast iron and steel objects corrode rapidly when they are exposed outdoors, and complex layers
composed of iron oxides and iron hydroxides are formed over time [1–3]. In the presence of moisture,
these corrosion layers adsorb water and incorporate particulate matter and pollution agents from the
atmosphere, which instigate further corrosion processes. Generally, in addition to iron oxides and iron
hydroxides, iron sulfates are also frequently reported compounds within an atmospheric corrosion
layer, especially in polluted and urban areas [4,5]. Near coastal areas, chlorine is a problematic element.
Iron items exposed to such surroundings are susceptible to chloride-promoted corrosion, leading to
chemical as well as mechanical damage to these objects [2,3,5]. Chloride ions diffused into the objects
as counter-ions to iron(II) ions are produced by the oxidation of the metal [6]. Iron oxyhydroxides are
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then produced, including chloride-bearing akaganéite FeO0.833(OH)1.167Cl0.167, and another ferrous
hydroxychloride β–Fe2(OH)3Cl [6,7]. In the presence of such hygroscopic compounds, iron corrosion
starts at low relative humidity (RH) values, down to 15% RH, and dramatically increases above 35%
RH, leading to the fragmentation and disintegration of the objects [8].

Hence, outdoor iron objects that are exposed to these environments are subjected to severe
degradation and would be damaged or lost without maintenance and appropriate conservation
strategies. Therefore, several conservation and restoration methods are currently performed to stabilize
the corrosion layers on outdoor iron-based structures. Organic coatings, such as waxes, resins, and oils,
are applied to protect iron surfaces, acting as a physical barrier against atmospheric agents [3,9,10].
Nevertheless, these protective systems often need frequent maintenance to avoid failures of the coating
film and exposure of the metal substrate to further oxidation [11]. Another approach employed is the
use of corrosion inhibitors. However, most of these are hazardous compounds such as chromates,
benzoates or nitrites, which have to be carefully manipulated [3]. Concerning archaeological iron
artifacts, three methods are used to stabilize their corrosion layer. First, to remove the chloride
ions from the corrosion layer, the object is immersed in anoxic and alkaline aqueous solutions [3,12].
Nevertheless, this method is based on osmotic diffusion, which is a slow process, and thus the solution
needs to be replaced regularly when the chloride ions’ concentration stops increasing or stays low
(below 20 ppm). Also, a large quantity of generated waste needs to be processed afterward for safe
disposal. Second, electrolytic reduction allows an increase in the porosity of the corrosion layer and
thus enhances the diffusion of harmful salts from the objects [13]. However, this method is restricted to
large marine finds, as there is a significant loss of the surface and a lack of control over the amount
of salts extracted and the corrosion products reduced during hydrogen bubbling [3]. Finally, plasma
treatment is usually applied as a pre-treatment, as it creates cracks and fissures that will facilitate the
diffusion of chloride ions during a successive alkaline bath [14].

For all these reasons, there is a general consensus that, to date, an efficient and durable protective
system to control iron corrosion on archaeological artifacts does not exist [15].

Microbes are frequently considered detrimental to metallic surfaces, as they are associated with
the process of microbial induced corrosion (MIC) [16–18]. However, given the large metabolic diversity
found within the microbial world, an increasing number of studies focus on the exploitation of microbial
processes to inhibit corrosion. Experimental evidence suggests that a biofilm of aerobic bacteria attached
to copper surfaces in freshwater and seawater reduces the copper corrosion rate by decreasing the
oxygen content nearby [15]. In addition, several studies reported the protective behavior of specific
biofilms on submerged carbon steel pipelines [19–22]. In particular, the formation of iron phosphates as
a protective layer was accomplished through the exploitation of bacterial biomineralization processes.
For instance, electrochemical measurements demonstrated that the presence of a biogenic layer of
vivianite (Fe2+

3(PO4)2·8H2O) produced by Geobacter sulfurreducens on the surface of carbon steel
coupons had a protective effect against corrosion [23].

In the examples cited above, most of the bio-based approaches were developed for the protection
of bare iron surfaces before their exposure to outdoor environments. As part of our research topic,
we investigated the potential of microbes for the stabilization of already corroded iron (archaeological
objects and outdoor surfaces) by converting part of the reactive corrosion layer into more stable
biogenic minerals (Figure 1). In particular, we studied different bacterial species, Shewanella loihica,
Desulfitobacterium hafniense and Aeromonas spp., for their ability to produce biogenic iron minerals
on corroded steel coupons [24–28]. Hence, vivianite and siderite were produced by S. loihica on
costal-exposed coupons, while D. hafniense and Aeromonas spp. induced the formation of vivianite
and siderite on urban-exposed coupons [26–28]. In order to better understand the biomineralization
process involved, corroded coupons exposed in an urban environment and treated with D. hafniense
have been investigated through the present stratigraphic study.
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Figure 1. (a) Schematic cross-section of a corroded iron coupon submitted to bacterial treatment,
showing microbial-induced modifications occurring; (b) the analytical methodology performed.

2. Materials and Methods

2.1. Description of Samples

Samples of 12.5 × 25 × 2–3 mm were obtained from a steel plate with a natural urban corrosion
layer mainly composed of lepidocrocite and goethite [25,26]. The plate was exposed for about 10 years
in an urban environment (Zürich, Switzerland).

2.2. Bacterial Treatment

The D. hafniense strain TCE1 (DSMZ-German Collection of Microorganisms and Cell Culture
GmbH 12704) was used for this study. This bacterium was selected as it can use a variety of electron
acceptors, especially halogenated organic compounds and metals [29,30]. In addition, a previous
study revealed that this strain was able to reduce Fe3+-citrate in the presence of 0.2% and 0.3% NaCl,
and that it was more efficient in terms of production of iron phosphates on the surface of corroded
iron coupons [25,26]. Bacterial pre-incubation was performed in the dark at 30 ◦C under agitation in a
standard mineral medium under anoxic conditions in 500 mL serum bottles, until reaching an optical
density (OD600) of 0.1−0.15, as previously described [31]. Quantities of 45 mM of lactate and 20 mM
of fumarate were added as an electron donor and acceptor, respectively, as well as a buffer solution
containing phosphates and carbonates (4 mM K2HPO4 and 1 mM NaH2PO4; 54 mM NaHCO3 and
6 mM NH4HCO3) to maintain the pH at 7.3. To avoid the corrosion of iron coupons during treatment
that would lead to a misinterpretation of the results obtained, passivating conditions were achieved by
replacing O2 with a mix of N2/CO2 (80%/20%) and by adding Na2S as a reducing agent. The treatment
of the coupons was then performed as previously described [25,26]. Before treatment, the coupons were
sterilized by spraying them with ethanol 70% (wt/wt in deionized water) and exposure to UV radiation
(20 minutes on each face). The samples were then placed into 50 mL serum bottles, and autoclaving was
performed under anoxic conditions (as defined in pre-incubation). Next, 20 mL of bacterial solution or
culture medium (abiotic control) was added. After 7 days of incubation, the coupons were taken out of
the treatment solution and sterilized as above (no more bacteria or culture media were present on the
treated surfaces). All of the experiments were performed in triplicates, and the results presented here
were identical for each set of samples.

2.3. Analytical Techniques

After treatment, the coupons were sampled and cold-embedded in methacrylate resin using the
EpoFix Kit (Struers GmbH—Zweigniederlassung Schweiz, Birmensdorf, Switzerland). Cross-polishing
was performed using successive silicon carbide abrasive papers (250, 500, and 1000 grit) and Micro-Mesh
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abrasive cloths (1800, 2400, 3200, 3600, 4000, 6000, 8000, and 12,000 grades). The cross-sectioned samples
were then analyzed with optical and scanning electron microscopy, as well as with Raman spectroscopy.

2.3.1. Optical Microscopy

Microscopic observations were performed under a Polyvar MET optical microscope (Leica
Microsystems (Schweiz) AG, <br>Verkaufsgesellschaft, Heerbrugg, Switzerland) to characterize the
corrosion layer and the biogenic crystals formed. An estimation of the conversion percentage of the
original corrosion layer into biogenic crystals was extrapolated with Axio Vision LE® software (version
4.8.2.0, Carl Zeiss MicroImaging GmbH, Iéna, Germany).

2.3.2. Scanning Electron Microscopy

Scanning Electron Microscopy coupled with Energy Dispersive Spectroscopy (SEM–EDS) mapping
was carried out to evaluate the elemental composition as well as the distribution of the corrosion
products and biogenic minerals. Coupons were mounted onto stubs using carbon conductive tape to
ensure electrical conductivity and were directly analyzed using a environmental scanning electron
microscope Philips XL30 ESEM FEG (Thermo Fisher Scientific, Hillsboro, Oregon, USA) equipped with
an energy-dispersive X-ray analyzer. Backscattered electron images were acquired at an acceleration
potential of 10 to 25 keV and a working distance of 10 mm. For elemental mapping, a resolution of
64 × 50 pixels and a dwell of 1000 were employed.

2.3.3. Raman Spectroscopy

Raman spectroscopy was also performed to study the molecular composition of the corrosion
layer before and after bacterial treatment. The analyses were carried out with a Horiba-Jobin Yvon
Labram Aramis microscope equipped with an Nd:YAG (neodymium-doped yttrium aluminum
garnet; Nd:Y3Al5O12) laser of 532 nm at a power lower than 1 mW. Single-point measurements were
carried out with the following conditions: spectral range 100–1600 cm−1, 400 μm hole, 200 μm slit,
and 10 accumulations of 10 s. Raman mapping was performed on selected areas with the same
conditions and a step size of 2.5 μm in the x and y directions. Spectrum correction (automatic baseline
correction) and chemical maps were elaborated using LabSpec Raman spectroscopy software suite
(version 6, HORIBA France SAS, Villeneuve d’Ascq, France). The identification of the compounds
present was based on literature records and a reference spectra library compiled by the authors.

3. Results and Discussion

3.1. Structure, Thickness and Continuity of the Corrosion Layer

Microscopic observations of the untreated samples revealed a corrosion layer with brown, red and
orange-colored compounds (Figure 2a). The corrosion layer of abiotic control coupons had a comparable
thickness and color to the untreated coupons (Figure 2b,c). On the outer part of this layer, some blue
spots were also detected. However, these did not form a continuous layer (Figure 2c). The formation
of these blue compounds on the abiotic control coupons was probably due to an interaction between
the iron corrosion products and the buffer solution containing phosphates and carbonates present in
the culture medium. On the contrary, after bacterial treatment, the surface color of the iron coupons
drastically changed. Indeed, the original corrosion layer disappeared almost completely, and a
continuous layer of blue biogenic crystals was observed instead (Figure 2d).
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Figure 2. Optical microscope images of untreated (a), two different zones of the abiotic control (b,c),
and bacterially treated (d) iron coupons.

Even if the thickness of a layer of naturally formed corrosion products is uneven, an overall
decrease in the corrosion thickness was observed in the coupons treated with bacteria (Figure 3a).
In fact, the mean value of the thickness of the corrosion layer decreased from nearly 28 μm (untreated
coupons) to about 7 μm on the treated coupons (Figure 3a). The corrosion thickness decrease is
due to the dissolutive microbial reduction of the iron phases composing the original corrosion layer.
As a result, part of the iron oxyhydroxides is converted into iron biogenic minerals. The results
demonstrated that this specific microbial process did convert a part of the original corrosion layer into
reduced iron compounds, as least within the 7-day treatment duration. In fact, it is worth mentioning
that treatment duration is a key element to assess and that the metal substrate could eventually become
corroded if the growing conditions are not carefully set.

Another important feature observed was the continuity of the newly formed biogenic layer. In fact,
in order to inhibit corrosion, this layer has to completely cover the remaining original corrosion layer,
avoiding further contact of the metal core with atmospheric oxygen and moisture [3]. Microscopic
observations of the cross-sections confirmed that after 7 days of incubation, about 92% of the analyzed
surface was covered by biogenic crystals (iron phosphates), while only 55% of the original corrosion
layer was covered by blue spots on the abiotic control coupons (Figure 3b). Thus, it can be concluded
that bacteria are needed to produce a uniform and continuous layer of biogenic minerals and that an
abiotic reduction is not enough to achieve comparable results.
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Figure 3. Efficiency of the treatment in terms of thickness and surface covering: (a) a graphic
representation of the thickness of the corrosion layer of untreated, abiotic control, and bacterially treated
iron coupons; (b) an estimation of the surface covered by iron phosphates by microscopic observation
of the cross-sections.

3.2. Elemental Composition of the Corrosion Layer

Elemental mapping revealed that the corrosion layer of untreated coupons was mainly composed
of Fe and O (Figure 4a). The same layer (numbered 1) was observed on the abiotic control coupons
(Figure 4b). However, an upper layer (numbered 2) mainly composed of S was also detected. In addition,
an outermost layer (numbered 3) composed of Fe, O, and P, was detected and corresponded to the
areas with blue spots (Figure 4b). Regarding the treated coupons, the same stratigraphy as for the
abiotic control was observed, with layer 2, composed of S, superimposed by layer 3, which is rich
in Fe, O and P, corresponding to the area covered by the biogenic crystals (Figure 4c). In this case,
no discontinuity within layer 3 was observed (Figure 4c). The presence of a sulfur-rich layer under
the biogenic crystals is an interesting observation. In fact, a previous study showed the formation
of elemental sulfur (S8) and partially oxidized mackinawite (Fe2+/Fe3+S) on the surface of coupons
used as an abiotic control, but not when incubated with bacteria [26]. Analyzing the cross-sectioned
samples, the current study demonstrates that a layer mainly composed of S is also present on the
bacterially treated coupons, and is localized between the remaining original corrosion layer and the
biogenic minerals. This sulfur-rich layer is probably the result of an abiotic reaction between Na2S
added to ensure anoxic conditions and the reactive corroded surface of the iron coupons. Since this
layer is located underneath the biogenic crystals, it can be assumed that it was produced first. It is
worth mentioning that the formation of such a layer is already reported during iron corrosion in
anoxic environments [32]. Even if the effect of sulfur on the corrosion process of iron is still under
evaluation, experimental evidence suggests that elemental sulfur could speed up the corrosion rate
of iron objects [33,34]. Indeed, this compound is known to be highly reactive, oxidizing organic
and inorganic material regardless of the oxygen content [34]. In the presence of humidity, iron and
steel surfaces exposed to elemental sulfur are corroded by an electrochemical reaction involving the
reduction of elemental sulfur coupled with the oxidation of iron [33,34]. Hence, the sulfur-rich layer
detected here and localized underneath the biogenic layer, if elemental sulfur, could be detrimental for
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the objects, and has to be avoided. In conclusion, for future improvements, Na2S should be replaced
by other reducing agents containing less sulfur, such as cysteine [35] or titanium(III) citrate [36].

As previously reported, the formation of biogenic iron minerals containing phosphorus can be
attributed to the microbial reduction of iron phases, and the reaction of Fe2+ ions with phosphates
(PO4

3−) added in the buffered bacterial medium [26].

 
Figure 4. SEM–EDS characterization of (a) untreated, (b) abiotic control and (c) bacterially treated iron
coupons. On the left, images of backscattered electrons with a square box indicating the analyzed
area and numbers indicating the different layers present: 0 = bulk metal; 1 = original corrosion layer;
2 = newly formed S-rich layer; 3 = biogenic layer. On the right, elemental mapping showing the
presence of iron, oxygen, sulfur, and phosphorus in the different layers.

3.3. Molecular Composition of the Corrosion Layer

Single points, as well as areas, were analyzed with Raman spectroscopy, allowing for the
identification of lepidocrocite and goethite as the main compounds in the corrosion layer of untreated
coupons (Figure 5).
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Figure 5. Molecular mapping performed by Raman spectroscopy on untreated coupons. (a) From left
to right, a microscopic image with a square box indicating the analyzed area and chemical maps of
goethite (Go) and lepidocrocite (Le). (b) Representative Raman spectrum of a mixture of lepidocrocite
and goethite with the corresponding spectral regions selected for the elaboration of the respective
chemical maps of lepidocrocite (region labeled “Le” with orange dashed lines) and goethite (region
labeled “Go” with green dashed lines).

On the abiotic control, lepidocrocite and goethite were detected, but also siderite and vivianite
(Figure 6). Siderite was probably produced as a consequence of the interaction between iron and the
carbonaceous sources present in the culture medium (lactate, fumarate, or carbonated buffer) [35].
The formation of vivianite (an Fe2+ phosphate) on the abiotic control coupons can be the result of the
interaction of the phosphorus buffer with Fe2+ ions. The latter can either be present in the original
corrosion layer or be produced when the Fe3+ phases of the original layer are abiotically reduced
by Na2S. In fact, the reduction of iron in the abiotic control has already been documented in similar
conditions [14].
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Figure 6. Raman characterization of abiotic control coupons: (a) Microscopic image of the analyzed area
with identified compounds indicated as siderite (Si), vivianite (Vi), and a mixture of goethite (Go) and
lepidocrocite (Le). Representative Raman spectra of the different analyzed regions where (b) siderite
(Si), (c) vivianite (Vi) and (d) a mix of goethite and lepidocrocite were identified (Le/Go), respectively.

In the samples treated with bacteria, lepidocrocite and goethite were not detected. In fact,
after treatment, the thickness of the original corrosion layer drastically decreased, making its detection
difficult by Raman spectroscopy (spatial resolution of about 1μm). As observed above during SEM–EDS
analyses, these iron corrosion compounds have been converted into biogenic crystals through microbial
reduction. These newly formed minerals were identified as a mixture of two different iron phosphates.
The most abundant was vivianite (Figure 7). The vivianite spectrum displayed an intense vibrational
band at 949 cm−1 and two less intense vibrational bands at 1014 and 1052 cm−1, typical of the P-O
stretching mode [37]. In order to localize this compound, its characteristic Raman shift at 949 cm−1

was employed for chemical mapping (Figure 7). Interestingly, another iron phosphate compound
identified as barbosalite Fe2+Fe3+

2(PO4)2(OH)2 was also detected. The same bands related to the P-O
stretching mode were present but with different relative intensities. For barbosalite, the main Raman
shift was at 1015 cm−1 (Figure 7). Since barbosalite contains both Fe2+ and Fe3+ ions, its formation
could be the consequence of the interaction between Fe3+ ions present in the original corrosion layer,
Fe2+ ions already present or produced from microbial iron reduction, and the PO4

3− ions contained in
the buffer solution. Finally, Raman measurements did not allow the detection of the sulfur-rich inner
layer revealed by SEM–EDS. This could be explained by the low thickness of this layer, probably below
the spatial resolution limit of Raman spectroscopy (about 1 μm).
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Figure 7. Molecular mapping performed by Raman spectroscopy on bacterially treated iron coupons:
(a) image of secondary electrons with a square box indicating the area analyzed by Raman spectoscopy,
chemical maps (b) of vivianite (Vi, blue) and (c) of barbosalite (Ba, pink), and (d) Raman spectra of
vivianite and barbosalite with the corresponding spectral regions selected for the elaboration of the
respective chemical maps of vivianite (indicated with blue dashed lines) and barbosalite (indicated
with magenta dashed lines).

4. Conclusions

The development of new and ecologically friendly strategies to protect outdoor iron surfaces
has a clear economical, as well as ecological, interest. We demonstrated the potential of bacteria
as an alternative for the development of innovative and green methods to protect iron artifacts
from detrimental corrosion [24–28]. Here, the obtained results allow us to better understand how
reactive corrosion layers are converted into biogenic iron phosphates with Desulfitobacterium hafniense.
These biogenic minerals covered almost all of the remaining original corrosion layer. This layer
could act as a barrier isolating the unstable iron corrosion products that would eventually still be
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present underneath from the exposure to atmospheric oxygen and moisture that could lead to further
corrosion. Vivianite is in fact a stable, poorly soluble, and non-oxidizing Fe2+ mineral [22]. However,
great attention has to be drawn to the composition of the bacterial solution applied, which not only
drives the type of biogenic minerals produced, but also potentially contaminates the corrosion layer
with undesired compounds that are able to instigate further corrosion, such as sulfur-containing
compounds. In fact, through the stratigraphy study carried out here, a sulfur-rich layer was detected
below the biogenic iron phosphates. This layer was not detected with surface analyses of the coupons,
and only stratigraphic investigations allowed us to conclude that careful attention has to be paid to the
culture medium composition in order to produce a stable vivianite layer that would passivate the iron
surface. Our study on cross-sectioned samples further improved the evaluation of the depth efficiency
of the proposed bacterial treatment, as well as demonstrated the formation of biogenic vivianite as
an adherent, even, and uniform layer. These features are important criteria when designing new
protective systems to provide long-term inhibition of corrosion on iron surfaces.
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Abstract: In this work, uniform cross-linked chitosan/lignosulfonate (CS/LS) nanospheres with an
average diameter of 150–200 nm have been successfully used as a novel, environmentally friendly
biocide for the inhibition of mixed sulfate-reducing bacteria (SRB) culture, thereby controlling
microbiologically influenced corrosion (MIC) on carbon steel. It was found that 500 μg·mL−1 of
the CS/LS nanospheres can be used efficiently for the inhibition of SRB-induced corrosion up to a
maximum of 85% indicated by a two fold increase of charge transfer resistance (Rct) on the carbon
steel coupons. The hydrophilic surface of CS/LS can readily bind to the negatively charged bacterial
surfaces and thereby leads to the inactivation or damage of bacterial cells. In addition, the film
formation ability of chitosan on the coupon surface may have formed a protective layer to prevent
the biofilm formation by hindering the initial bacterial attachment, thus leading to the reduction
of corrosion.

Keywords: chitosan; lignosulfonate; sulfate reducing bacteria; biofilm; microbial corrosion;
impedance spectroscopy

1. Introduction

Microbiologically influenced corrosion (MIC) of carbon steel is a major cause of metal corrosion
and pipeline failure [1–3]. It is estimated that MIC accounts for about 20% of the corrosion damage
in the oil and gas sector [4]. Despite the tremendous efforts made thus far to improve corrosion
management, MIC has remained a pressing issue for the oil/gas sector, where there is exposure of
metals to bacteria found in water. Several types of microorganism are responsible for MIC, including
sulfate-reducing bacteria (SRB), iron-oxidizing bacteria (IOB), slime-forming bacteria, and iron-reducing
bacteria (IRB). Amongst those, SRB are the main microorganisms responsible for MIC by generating
sulfide species anaerobically, which causes progressive biocorrosion in the water transport systems [5,6].
The SRB strains produce hydrogen sulfides (H2S), metal sulfides, and sulfates as a result of biogenic
oxidation/reduction reactions [7,8]. In particular, the production of H2S at elevated concentrations
creates intrinsic heterogeneity, which accelerates the corrosion process by favoring electrochemical
reactions [9–11].

Biocorrosion control methods are mainly based on either inhibiting the metabolic/growth activities
or altering the corrosive conditions to reduce the adaptation of microorganisms. Different types
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of approach, such as cathodic protection [12], protective coatings [13], corrosion inhibitors [14],
and biocides [15], have been used to control/minimize biocorrosion. Oil/gas industries usually need
high concentrations of biocides for water disinfection and controlling SRB biofilm formation thereby
reducing biocorrosion [16]. However, the use of conventional biocides may cause harmful impact
to the environment since it produces disinfection byproducts in addition to the low efficiency
against biofilms, and high operational cost [17]. Different nanomaterials demonstrate strong
antimicrobial activities, rendering them potential alternatives to conventional biocides [18–22].
Nanomaterials, such as AgNPs [23], ZnONPs [24], TiO2NPs [4], FeNPs [25], graphene [26], CuONPs [27],
and metal-nanocomposites [22], have been used for the inhibition of SRB-induced biofilm and
subsequent MIC. However, the environmental impact of nanomaterials due to their biological toxicity
has restricted their use in practical applications [28,29]. The use of green biocides with lower toxicity,
environmentally benign, and ease of use can overcome these issues [30].

Chitosan (CS) is a biodegradable polymer abundant in nature with high hydrophilicity, nontoxicity,
antimicrobial properties, and low cost [31]. The antimicrobial activity of CS has been widely established
against many microorganisms and it shows a high inhibition rate against both Gram-positive and
Gram-negative bacteria [32–35]. CS also displays anti-biofilm activities with a high ability to damage
biofilms formed by microbes [36–38]. Due to its cationic nature, CS has been able to penetrate biofilms by
disrupting negatively charged cell membranes through electrostatic interaction when microbes settle on
the surface [36]. Recently, our research group used ZnO-interlinked chitosan nanoparticles (CZNC-10)
as stable biocide formulations against SRBs from industrial waste sludge [24]. The nanoparticles
achieved a concentration-dependent SRBs inhibition with over 73% efficiency at 250 μg·mL−1. Also,
CZNC-10 demonstrated 74% MIC inhibition on carbon steel [39]. The dose of CZNC was limited to
250 μg·mL−1 due to the ZnO content in the CZNC biocide considering the environmental toxicity
issues. In order to develop a more “green” and efficient chitosan-based biocide, the metal or metal
oxide nanoparticles need to be replaced with more environmentally benign alternatives.

Lignin is an abundant natural resource that has been widely used as a potential source for fuel
and chemical production [40]. Lignin can be incorporated into different polymeric systems such as
dispersants, bioadhesives, biosurfactants, polyurethane foams, and epoxy resins, etc., depending on
its solubility and reactivity characteristics [41]. Lignosulfonate (LS) exhibits good water-solubility
and anionic characteristic [42]. LS also exhibits antioxidant and antimicrobial properties that extend
its potential applications to different fields [43,44]. Both CS and LS are good bactericidal agents, and
therefore it is expected that CS-LS complexes can be used as highly efficient and environmentally
friendly chitosan-based biocides against SRB induced biocorrosion.

The synthesis of CS-LS polyelectrolyte complexes is mainly based on ionic interaction or ultrasonic
homogenization [45,46]. CS cross-linked graphene oxide (GO)/LS composite aerogels have been
synthesized by the simple mixing of GO, LS, and CS solutions [47]. The aerogels demonstrated 3D
porous structure. These CS-LS hybrids showed non-uniform sizes/shapes and instability above pH 4.5,
which restricts their practical applications. To solve these issues, we have introduced a new crosslinking
strategy towards the synthesis of stable cross-linked chitosan-lignosulfonate (CS/LS) nanospheres [31].
The optimum composite structure was formed at 1:1 ratio of CS:LS. These 150–200 nm nanospheres
demonstrated the highest thermal, mechanical, and bactericidal effect against aerobic Escherichia coli
(E. coli) and Bacillus subtilis (B. subtilis) bacteria as well as anaerobic SRB. As a proof of concept, 100 mg/L
CS/LS-1:1 was able to inhibit SRB growth, as demonstrated by 48.8% lower sulfate reduction [31].

Here, we have investigated the ability of the new “green” CS/LS nanospheres with an optimal 1:1
(CS:LS) ratio to treat SRB induced MIC on SS400 carbon steel. The nature and kinetics of SRB inhibition
induced by the CS/LS are thoroughly studied with electrochemical impedance spectroscopy (EIS) and
surface characterization methods.
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2. Materials and Methods

2.1. Materials

Chitosan (low molecular weight) with 85% deacetylation (CS), Lignosulfonic acid sodium salt
(LS), MgSO4, sodium citrate, Absolute ethanol, CH3CH2OH (≥99.8%), CaSO4, NH4Cl, NaCl, Na2SO4,
KCl, SrCl2, KBr, K2HPO4, HCl, NaOH, hexamethylenetetramine, sodium lactate, and yeast extract
were obtained from Sigma-Aldrich (St. Louis, MO, USA). All analytical grade chemicals were used as
received. Carbon steel (SS400) rods of 10 mm diameter were obtained locally. The chemical composition
of SS400 is 99.25–100% Fe, 0–0.4% Si, 0–0.26% C, 0–0.05% S, and 0–0.04% P. PhenoCureTM (phenolic
resin) was procured from Buehler, Lake Bluff, IL, USA.

2.2. Synthesis and Characterization of Cross-Linked CS/LS Nanospheres

CS/LS nanospheres (1:1 CS:LS) were prepared according to our previous work [31]. Briefly,
30 mL of both CS and LS solutions were stirred together at room temperature for 30 min. Then,
450 μL of the cross-linking solution were added gradually, and continued stirring for additional
30 min. The cross-linking agent is a mixture of formaldehyde and sulfuric acid (HCHO/H2SO4,
40/60 w/w). The resulting solution was purified by centrifuging at 10,000 rpm followed by washing
five times with DI water to obtain CS/LS. The size and morphology of the CS/LS were characterized
by FEI Quanta 650 FEG SEM (Hillsboro, OR, USA) and FEI Talos F200X TEM (Hillsboro, OR, USA).
X-ray diffractogram (XRD) of CS/LS were measured by D8 Advance (Bruker AXS, Bremen, Germany).
The X-ray diffractometer is equipped with Cu-Kα radiation (λ = 1.54056 Å) at 40 kV, 40 mA with a step
scan of 0.02◦ per step and scanning speed of 1◦ min−1. The hydrodynamic radius and Zeta potential
were measured by Malvern Zetasizer Ultra (Malvern Panalytical Ltd., Malvern, UK).

2.3. Fabrication of Coupons and SRB Culture

The coupons of 8 mm diameter steel bar were fabricated by using SimpliMet 3000 mounting press
(Buehler, Lake Bluff, IL, USA) and PhenoCureTM as an outer shell. Then the coupons were polished
with EcoMet 2500 Polisher (Buehler, Lake Bluff, IL, USA) in a sequence from 240 to 1200 silicon carbide
paper and 6, 3 and 1 μm diamond slurry to get a mirror-like finish. The coupons were cleaned with
acetone and sterilized with absolute ethanol followed by storing the dried coupons in a desiccated
environment until further use. The surface roughness was analyzed by KLA P17 stylus profiler
(Milpitas, CA, USA) and SEM was used the image the surface morphology.

Mixed SRB culture was enriched from biofilm samples from a local oil field in Qatar as
described earlier [24]. The SRB was further cultured in Postage’s C medium in a saline media [39,48].
The composition of the inject seawater is given in the Supplementary Table S1. The concentration of
SRB biomass was represented by volatile suspended solids (VSS) available in the culture media [24].
The known volume of the SRB biomass were taken and oven dried at inert atmosphere to calculate the
VSS. The carbon steel coupons were incubated in 200 mL bottles containing 250 mg VSS/L SRB biomass
and were kept shaken at 120 rpm, 37 ◦C. Control experiment was considered as the coupons incubated
in a media containing 250 mg VSS/L SRB in the absence of CS/LS. The optimum concentration of CS/LS
was directly added to the media in the range of 0–1000 μg·mL−1 CS/LS and EIS analysis was performed
after 10 days of incubation. The Rct values from the Nyquist plots were used to evaluate the corrosion
inhibition. Next, corrosion inhibition of optimum CS/LS concentration was evaluated at different time
intervals (0, 7, 10, 15, 21, 28, and 35 days) [39,49,50]. The abiotic conditions were made by incubating
coupons in the SRB-free media at sterile conditions and in absence of CS/LS to differentiate the chemical
corrosion [51]. For comparison, 5% glutaraldehyde (GA) was used as a conventional biocide [52,53].
All experiments were performed in an anaerobic chamber at anaerobic conditions. After this, the sealed
reaction bottles were kept shaking at different times at 37 ◦C. After particular time intervals, coupons
were drawn from the incubation mixture and gently washed with DI water before analysis.
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2.4. Electrochemical Measurements

Electrochemical measurements were recorded by Gamry potentiostat (Ref 600+, (Gamry
Instruments, Warminster, PA, USA). Treated SS400 carbon-steel coupons were the working electrodes,
saturated calomel electrode (SCE) as the reference and graphite disk as the counter electrode.
The treated coupons were mounted into a Gamry ParaCell™ (Gamry Instruments, Warminster,
PA, USA) Electrochemical Cell Kit (Part No.992-80) for electrochemical analysis. Simulated inject
seawater was used as the electrolyte for all electrochemical experiments. The EIS measurements were
recorded over 0.01–105 Hz with 10 mV sinusoidal signal. The EIS measurements were performed after
achieving the steady-state condition by keeping the setup for 30 min at open circuit potential (OCP).
Gamry Echem Analyst software (Version 7.05) (Gamry Instruments, Warminster, PA, USA) was used
to analyze the experimental data.

2.5. Biofilm, Corrosion Products, and Coupon Surface Characterization

For SEM and XPS analysis of SRB biofilm, the incubated coupons were fixed with 2% GA solution
for 2 h. After washing the coupons with DI water, dehydration was performed with ethanol, followed
by washing with water [39]. The coupons were stored under dry nitrogen before each analysis.
The SEM and EDS analyses were performed with FEI Quanta 650 FEG (Hillsboro, OR, USA) SEM after
gold (3 nm) coating. XPS analysis was carried out with ESCALAB 250X (Thermo Fisher Scientific,
Hillsboro, OR, USA) with AlKα excitation (25 W, hυ = 1486.5 eV) and 1 eV resolution. The X-ray
fluorescence (XRF) analysis was carried out with an XGT-7200V X-ray Analytical Microscope (Horiba
Scientific, Piscataway, NJ, USA). The X-ray source was operated at 50 kV and 0.8 mA, and generates
an X-ray beam from Rh anode that is focused to a spot size of 1.2 mm. To study the post corrosion
morphology of carbon steel coupons, biofilms were removed by sonication in ethanol (10 s intervals),
5 mL·L−1 HCl, and 3.5 g·L−1 hexamethylenetetramine for 5 min followed by drying with nitrogen
flow [54]. The post-corrosion morphology of the coupons after 35 days of incubation with and without
CS/LS nanospheres were analyzed by SEM and profilometry. In addition, the bare coupon was analyzed
for comparison. KLA-Tencor P17 stylus profilometer (Milpitas, CA, USA) at 2 μm resolution, with a
loading force of 2 mg was used to capture surface profile images of the coupons. Seven measurements
were made at each position on each coupon with a scan size of 400 × 400 μm2 for each frame. Apex
3d-7 software (Milpitas, CA, USA) was used to calculate the average surface roughness (Sa).

3. Results and Discussion

3.1. Characterization of Cross-Linked CS/LS Nanospheres

The uniform CS/LS nanospheres have been prepared by one-step covalent cross-linking between
chitosan (CS) and lignosulfonate (LS) according to our reported method [31]. As shown in the SEM
image (Figure 1A), well-dispersed spherical nanoparticles were obtained with an average diameter
of 150–200 nm. TEM image further confirmed the well-defined shape of a single CS/LS nanosphere
(Figure 1B). CS/LS at 1:1 CS:LS ratio has been considered as optimum ratio for preparing the nanospheres.
According to the XRD pattern in Figure 1C, pure CS has two characteristic peaks at 10◦ and 20◦ while
LS having a broad peak at 22.6◦ [55–57]. The formation of CS/LS is confirmed by the diminishing of
the peak at 10◦, as well as a reduction in intensity, and broadening of the peak at ~20◦. This weaker
and broader peak can be attributed to the formation of a new binary framework in which the original
structure of both CS and LS can be disrupted. The detailed characterization of this material has been
described elsewhere [31]. The average size distribution of CS/LS in the aqueous suspension was stable
between 20 and 60 ◦C at pH 3–8 [31]. The stability of CS/LS in simulated seawater was evaluated by
measuring the hydrodynamic radius and Zeta potential at varying pH between 3 and 9. The average
size of the particles remained within the range of 230–250 nm at acidic media until pH 6. After this pH,
the nanospheres have shrunk slightly and remained almost unchanged at pH above 7. This can be
attributed to the collapse and deformation of CS/LS at alkaline pH values [31]. As shown in Figure 1D,
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the Zeta potential changed to a negative value with point of zero charge at pH 5.8, indicating that the
CS/LS nanospheres are negatively charged at neutral pH conditions.

Figure 1. (A) SEM images of CS/LS nanospheres (Inset shows the size distribution); (B) TEM of CS/LS
nanospheres (Inset: TEM image of a single nanosphere); (C) XRD for CS, LS, CS/LS and (D) The size
and zeta potential changes with pH of the CS/LS in simulated seawater.

3.2. Investigation of SRB-Induced Corrosion on Carbon Steel

It is important to investigate the SRB induced MIC in our experimental conditions to make a
valid comparison. The SS400 carbon steel coupons were incubated in a solution containing SRB in
Postage’s C containing simulated seawater. SRB have been enriched from a mixed-culture bacterial
sludge obtained from in a real oil filed sample (see experimental section). The coupons were analyzed
by EIS after 7, 10, 15, 21, 28, and 35 days of incubation times.

As observed in Figure 2A, the Rct values of Nyquist semicircle is higher after 7 days compared to
the ones from longer incubation times. A complete biofilm formation is expected to reach the highest
protection capacity at 7 days [50,58]. After which, the semicircles diameters gradually decrease with
time, indicating a gradual breakdown in the corrosion protection by the biofilm, i.e., faster corrosion
rates. A small capacitive semicircle loop appeared at high frequencies, only for 7 days of incubation,
mainly due to the precipitation of the corrosion product along with biofilm results in a porous and more
adherent outer layer [59]. This high frequency semicircle started to diminish at longer incubation times,
and the Nyquist plot behavior is also different compared to the longer incubation times. However,
when steady state is reached at around 7 days, mass transfer limitations was dominant over the
interfacial activation, which changes the shape of Nyquist from semicircle to a straight line in the low
frequency regime.
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Figure 2. Nyquist (A); Bode (B,C) plots at SRB enriched media. The inset of (A) is a magnification of the
low impedance region. The EIS were obtained at OCP of 10 mV and sinusoidal signal of 0.01–105 Hz.
(D) Equivalent circuits used to fit the experimental results.

The phase angle, θ, vs. frequency, in logarithmic scale plot (Figure 2B) presents the phase angle
peak shifts to lower frequency with the increasing incubation times. The frequency shift confirms
the increase in mass or thickness of the corrosion product layer with high electrical capacitance as a
result of SRB activity onto carbon steel coupon [58]. Meanwhile, an increase in the capacitance is a
result of increases in the mass and thickness of the porous layer, and consequently the surface area.
From the impedance modulus |Z| vs. frequency, in logarithmic scale plot (Figure 2C), the |Z| values at
low frequencies are maximum after 7 days, after which it decreases with longer incubation. The higher
values of |Z| at low frequencies indicating lower corrosion rates [60].

Figure 2D represents the equivalent circuits of the fitted EIS data. Rs represents the resistance of
electrolyte, Qf is the constant phase element (CPE) at the film/solution interface, Rf exemplify the pore
film resistance, Qdl is the CPE of coupon/solution interface, Rct is the charge transfer resistance at the
coupon/solution interface, and W represent Warburg impedance elements. Both circuits have constant
phase elements (Qf) instead of the ideal electrical double layer capacitors. This was attributed to the
surface roughness, inhomogeneous reaction rates distribution, non-uniform thickness, non-uniform
composition of the double layer, and/or non-uniform current distribution [61–65]. Since the SRB biofilm
provides a more prominent effect during the initial days of incubation, an additional element W is used
in the equivalent circuit, corresponding to the diffusion controlled electrochemical process as a result
of the complete biofilm formation [59]. As the incubation time increases, the biofilm starts to degrade
so the mass transfer is not the controlling factor anymore, so W is removed from the equivalent circuit.

The EIS analysis of the coupons in the abiotic media in the absence CS/LS is shown in Figure S1.
The semicircle’s behavior is different at 7 and 10 days in the absence of SRB compared to the
longer incubation intervals. The precipitation of iron phosphide on the carbon steel surface can be
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detected from the change of medium frequency capacitive loops at 15 and 21 days of incubations [66].
Iron phosphide can be homogeneously distributed after precipitating with the ferrous ion produced by
the steel dissolution under abiotic conditions [66]. A gradual decrease of the Nyquist plot diameter
and the phase peak shift to a lower frequency was observed at a longer incubation time, and confirmed
the low corrosion rate in the absence of SRB.

Table 1 gives the Rct, as well as Rf values of the carbon steel coupons incubated in the presence of
SRB after EIS fitting, and Supplementary Table S2 shows the complete EIS fitting data. The Rct value is
highest at 7 days compared to other incubation times due to maximum protection of the complete
biofilm. Afterward, the Rct values keep decreasing as the incubation time increases. The decrease in Rct

value results in an increase in the dissolution kinetics of the metallic surface due to the fast corrosion
rates induced by the breakdown of the biofilm that accelerates the corrosion process. Similarly, the Rf
values are highest at 7 days. The decrease in Rf value could be a result of higher porosity of the biofilm
on the coupon surface, resulting in the observed accelerated corrosion.

Table 1. Rct, Rf and IE values after EIS fitting.

Incubation Media Incubation Time (Days) Rf (Ω·cm2) Rct (Ω·cm2) IE (%)

SRB alone

7 79.7 363.6 -
10 75.6 256.1 -
15 69.4 173.8 -
21 45.4 137.2 -
28 38.6 107.9 -
35 23.6 88.4 -

CS/LS alone 7 136.1 74.4

SRB with CS/LS

7 292.7 609 68
10 249.2 468 82
15 209 312.8 80
21 129.7 254.6 85
28 90.6 193.2 80
35 71.2 157.3 78

3.3. Investigation of CS/LS Nanospheres Inhibitory Effect on SRB Induced Corrosion

The previous aqueous media analysis indicated that CS/LS-1:1 demonstrates strong inhibition of
SRB activities at 100 μg·mL−1. The CS/LS-1:1 demonstrated 48.8% inhibition of sulfate reduction and
54.26% reduction of total organic carbon (TOC) removal [31]. Here, we investigate the ability of the new
CS/LS nanospheres to inhibit the biofilm formation and control MIC on the coupon surface. The first
step was to identify the optimum concentration of CS/LS that gives maximum corrosion inhibition
in a concentration range from 100 to 1000 μg·mL−1. SRB induced corrosion starts progressing after
10 days of incubation. Hence, the impedance analysis was performed after 10 days of incubation [39].
The Nyquist plots are shown in Supplementary Figure S2A and the equivalent circuit used for fitting
the impedance plots is shown in Figure 2D. The relation between Rct values and CS/LS concentration
are given in Supplementary Figure S2B. The Rct values of CS/LS are 256, 287, 337, 468 and 307 Ω·cm2

for 0, 100, 200, 500 and 1000 μg·mL−1 respectively. From the Rct values, it is found that 500 μg·mL−1

resulted in the maximum corrosion inhibition. At 1000 μg·mL−1, precipitation started to be observed in
the reaction medium. Hence, 500 μg·mL−1 has been selected as the optimum concentrations of CS/LS
for further experiments.

The effect of incubation time on the carbon steel coupons was investigated by EIS after 7, 10, 15,
21, 28, and 35 days in the media containing SRB at 500 μg·mL−1 CS/LS. The Nyquist plot (Figure 3A)
showed the same trend as in the presence of SRB but the diameter is higher at the corresponding
incubation times. The equivalent circuit used is shown in Figure 3D. The increase in the diameter of
the semicircle in the impedance spectrum implies corrosion inhibition in the presence of CS/LS. The Rct

values are 609 and 363.6 Ω·cm2 respectively (Table 1) for the coupon incubated with and without CS/LS
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respectively after 7 days. However, the Nyquist plot behavior is different for 7 days of incubation
compared to the longer incubation periods, and there is no high-frequency capacitive loop after 7 days
or even at higher incubation times in presence of CS/LS [59,67]. This can be attributed to the formation
of CS/LS layer on the metal surface as also confirmed by the increase in Rf values.

Figure 3. Nyquist (A); Bode (B,C) plots of SRB with CS/LS. The inset is a zoom of the low impedance
region. The EIS were recorded at a range of 0.01–105 Hz. (D) Equivalent circuit used for fitting.

From the phase angle θ vs. frequency, in the logarithmic scale plot (Figure 3B), the phase peak has
shifted to a lower frequency with increasing incubation time similar to the SRB corrosion experiments.
However, the intensity of the lower frequency shift is less compared to the presence of SRB. Similarly,
from the impedance modulus |Z| vs. frequency, in logarithmic scale plot (Figure 3C), the |Z| value at
low frequencies is high in the case of 7 days incubation.

The Rct value is maximum at 7 days and it has decreasing with the higher incubation time (Table 1).
However, the Rct values are about two times more than the SRB corrosion rate at the corresponding
incubation intervals and this enhancement in the Rct value is due to the corrosion inhibition effect of
CS/LS. The inhibitory effect of CS/LS in absence of the SRB is evaluated after 7 days of incubation
(Supplementary Figure S3). The CS/LS may compete with the biofilm and form a spatial layer on
the coupon surface, and this can be verified by comparing the Rf values during the initial incubation
times [67]. The Rf values are 3–3.7 times higher in the presence of CS/LS compared with SRB alone
during 7–15 days of incubation. The biofilm breakdown takes place as time lapses, which is confirmed
by the decrease in the Rf values with longer incubation times.

Corrosion inhibition efficiency (IE) is obtained from:

IE = (Rct’ − Rct)/Rct’ (1)
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where Rct’ is obtained in the presence of SRB with CS/LS and Rct is in the presence of SRB alone.
The IE at different incubation time intervals is given in Table 1. The maximum corrosion inhibition
was found to be 85% in presence of CS/LS. In our previous study, the CZNC inhibitor was able to
provide 74% maximum corrosion inhibition with lesser dose of 250 μg·mL−1 [24]. There was no
significant enhancement in the corrosion inhibition, even at the higher dose of 500 μg·mL−1. However,
the inhibitor dose of CZNC was limited to 250 μg·mL−1 due to the ZnO content in the CZNC biocide.
Here we were able to use a higher dose of 500 μg·mL−1 since CS/LS are metal-free and made of
renewable components with expected low toxicity. Nevertheless, the toxicity range and environmental
impact of the new nanospheres need to be investigated in future studies.

The corrosion inhibition capability of CS/LS has been compared with the commercial GA biocide
by EIS analysis. Supplementary Figure S4 shows the Nyquist plots of the coupons incubated in 5% GA
after 15 days of incubation showing a lower diameter of the semicircle in the impedance spectrum
as compared with CS/LS, which can be attributed to the better corrosion inhibition induced by the
CS/LS. The Rf and Rct values are low (136.4 and 158.8 Ω·cm2, respectively) when SRB is incubated
with GA as compared with CS/LS (209 and 312.8 Ω·cm2, respectively). In the case of SRB with 5%
GA, complete bacterial growth can be inhibited; however, a side reaction can be observed between
SRB media and GA which is evidenced by the change of media color to pink instead of the expected
black (Supplementary Figure S4). Despite the highly efficiency of GA as a biocide, its toxicity effect to
the aquatic ecosystems limited their use [6]. Moreover, GA did not entirely suppress the corrosion
in the studied medium during longer incubation times, most likely due to the accumulation of some
corrosion products in the cracks of the carbon steel surface. Therefore, CS/LS can provide a more
benign alternative to minimize or replace the utilization of GA as a biocide.

3.4. Biofilm and Corrosion Products Characterization

The inhibition of SRB by CS/LS (500 μg·mL−1) and the consequent formation of biofilm and
corrosion products on the carbon steel were examined by SEM, EDS, and XPS analysis. Generally,
the presence of exopolysaccharides (EPS), which are excreted by the bacteria to adhere to the metal
surface, is visible after four days of incubation along with SRB cells (Supplementary Figure S5). In the
presence of CS/LS, different morphology of EPS is visible by SEM due to the possible complex formation
with the exopolysaccharide component of CS/LS. Few SRB cells are present on the surface but with
deformed cell morphology (Figure S5). After 7 days, the adhesion of numerous active SRBs can be
seen on the coupon surface (Figure 4A). Meanwhile, the number of attached SRB cells is significantly
reduced in presence of CS/LS, even with noticeable damage at the bacterium cell surface (Figure 4B).
The CS/LS particles on the metal surface may have hindered the bacterial attachment as indicated by
the smaller number of bacteria on the surface. In addition, an obvious damage to the bacterial cell
walls can be seen [31]. Similar observations of cell wall damage were observed as the effect of different
nanomaterials on other bacteria [28,68]. For example, predominant damage can be induced on most
of the SRB cells in presence of 100 μg·mL−1 of ZnONPs [28]. Another work reported a progressive
damage to the cell wall of Staphylococcus aureus and Pseudomonas aeruginosa, causing a total lysis of
cells in contact with the nanocomposites [68]. Chitosan-based CZNC-10 showed a similar behavior on
biofilm formation which was attributed to the synergic influence of CZNC-10 bactericidal impact on
the SRB together with the formation of a protective coating on the coupon surface [6,24,67].
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Figure 4. SEM images of the biofilm after 7 days in SRB media (A), 21 days (C) and 35 days (E) of
incubations. SEM of the biofilm after 7 (B), 21 (D) and 35 days (F) in SRB media containing 500 μg·mL−1

CS/LS.

After 21 days, uneven deposits of corrosion products were visible on the coupon surface along with
complex porous structure of the biofilm when exposed to SRB alone (Figure 4C) [69]. In the presence of
CS/LS, SEM showed different corrosion products and biofilm morphology with few deformed bacteria
on the surface (Figure 4D). After 35 days, corrosion products were dominant on the surface along
with limited biofilm structures in the case of SRB alone (Figure 4E,F). In the presence of CS/LS, similar
observation is present but with different morphology of the corrosion products. No bacteria were
visible on the coupon surface in both cases, which could be covered by the corrosion products layer.
The different morphology is an implication of heterogeneous corrosion products in presence of the
CS/LS nanoparticles. EDS and XRF analysis have quantified the sulfur and iron content in both biofilm
and corrosion products. According to the EDS analysis after 35 days, a reduction in the concentration
of Fe and S content by 43% and 31% respectively was observed in the presence of CS/LS (Figure S6).
The XRF analysis also showed the reduction in Fe and S contents by 56% and 29%, respectively, in the
presence of CS/LS, confirming the inhibition of SRB (Supplementary Table S3).

Figure 5 shows the XPS survey of corrosion products after 35 days in SRB media with and without
500 μg·mL−1 of CS/LS. SRB induced biocorrosion follows the sulfate reduction pathway at the metal
surface with the help of a hydrogen intermediate [70]. This sulfide can appear as H2S, HS− ions, S2−
ions or metal sulfides, according to the different conditions which build up at the metal surface and

232



Materials 2020, 13, 2484

catalyze the corrosion process [71]. As a result, the Fe is oxidized to Fe2+ and sulfate is reduced to
sulfide followed by the formation of FeS. The overall reaction can be written as:

4 Fe0 + SO4
2− + 3 HCO3

− + 5 H+→ FeS + 3 FeCO3 + 4 H2O

Figure 5. XPS survey spectra of the coupon surface incubated in SRB enriched media with and without
CS/LS after 35 days incubation.

The peaks of Fe 3p, Fe 2p, C 1s, O 1s, S 2p, and S 2s are observed in both spectra, which can
be attributed to corrosion products and biofilm on the coupon. The S 2p and S 2s peaks confirmed
the presence of sulfide and organic sulfur which are mainly formed by the SRB activity. However,
the smaller peaks of Fe 2p, S 2s and S 2p were observed from coupon incubated with CS/LS. In addition,
the high-resolution spectra for Fe 2p and S 2p are examined to confirm the reduction in the intensity of
XPS peak as well as to quantify the corrosion products.

The fitted Fe 2p peaks after 35 days with and without CS/LS are shown in Figure 6A,B respectively.
Two sharp peaks at 709.6 eV and 707.6 eV (Fe 2p3/2) corresponding to FeO (pink curve) and mackinawite
(Fe1+xS) (green curve), respectively. Pyrite (FeS2) is present in both spectra (green curve) [50]. In addition,
a peek at around 712.4 eV corresponds to Fe3+ (originated from Fe2O3) is present in both the coupons
(black curve) [72]. A sharp peak at around 710.4 eV (Fe 2p3/2) corresponding to FeS (cyan curve) is
present in the coupon exposed to SRB alone [73]. The peak at 713.7 eV of (Fe 2p3/2) corresponds to
Fe(III)O from Fe2O3 and is found in presence of CS/LS [74]. From the XPS analysis, the corrosion
products are mostly FeO, FeS, FeS2, and Fe2O3. However, FeS peak is prominent only in the coupon
exposed to SRB alone which confirmed the reduction in SRB activity in the presence of CS/LS.
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Figure 6. Fitted Fe 2p spectra from coupons incubated in SRB enriched media without CS/LS (A)
and with 500 μg·mL−1 CS/LS (B) after 35 days of incubation. Fitted curves with different colour
correspond to different chemical states; light green corresponds to FeS2 and mackinawite (Fe1 + xS),
pink corresponds to FeO, Cyan corresponds to FeS, black and green correspond to Fe2O3.

SEM and surface profilometry were used to analyze the coupon surface after removing biofilms
and corrosion products [75–77]. Figure 7 shows the formed pits on the coupon surface. Pits diameter is
greater when coupon is incubated in SRB alone as compared with SRB/CS/LS mixture. The widest pit
is observed in the coupon incubated with SRB alone is around 8.2 μm diameter while it is only 4 μm
in the presence of CS/LS. These results are matching with EIS and XPS data. In addition, the surface
roughness of both coupons was also calculated form profilometry. For comparison, the 2D and
3D profilometry images of the bare coupon is shown in Supplementary Figure S7A,B. The average
roughness of the bare coupon is 17 ± 2 nm, which is appropriate for bacterial attachment [78–80].
Supplementary Figure S8 displays high-resolution spectra of the coupon surface after removing the
corrosion products. After 35 days, the average roughness of the coupons surface was 780 ± 19 nm in
the absence of CS/LS inhibitor. While in the presence of CS/LS inhibitor, the average surface roughness
is reduced to 458 ± 16 nm, i.e., the surface roughness of the coupon is reduced to approx. 40% in
presence of the CS/LS.

 

Figure 7. SEM micrograph of corrosion pits after removing the corrosion products from SS400 coupons
incubated in SRB alone (A,B) and in presence of CS/LS nanospheres (C,D) after 35 days of incubation.
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In general, the corrosion inhibition mechanism of nanomaterials can be originated mainly from
their antibacterial effect [6]. The CS/LS antibacterial activity can be explained by their surface charge and
active surface of CS and LS [31]. Due to the nanostructure and hydrophilic nature of CS/LS (originated
from the presence of large number of amino groups of CS component), CS/LS can readily bind to the
negatively charged bacteria, leading to cell membrane disruption [24]. Lignosulfonate component
can cause oxidative stress to proteins and DNA in bacteria generated by reactive oxygen species.
These two processes can cause a reduction in the cell viability by severe cytoplasmic leakage and
loss of cell integrity and EPS contents. Sulfate reduction and co-substrate oxidation assays confirmed
the CS/LS inhibitory effect on SRB [31]. The SEM analysis of SRB cells showed cell aggregation and
prevalent surface damage after CS/LS exposure [31]. In addition, formation of CS/LS layer on the
coupon surface protects the surface from the initial bacterial attachment [81]. Morphological results
and EIS experiments suggest that CS/LS have hindered the formation of biofilm and unstable corrosion
products on the carbon steel surface.

4. Conclusions

CS/LS nanospheres have been successfully evaluated as a novel biocide for the inhibition of SRB
induced biocorrosion. The Rct values are approximately doubled in the presence of CS/LS compared
with the CS/LS-free media, irrespective of incubation intervals from the electrochemical analysis,
with a corrosion inhibition efficiency of 85% at 500 μg·mL−1 CS/LS. Post-corrosion analysis with SEM
and profilometry showed fewer surface defects on the coupon incubated with CS/LS, indicating less
corrosion. Two synergic effects can explain the biocidal effect of CS/LS. The hydrophilic CS/LS can
readily bind to the bacterial surfaces and thereby damage the bacterial cell wall. Meanwhile, the film
forming capability of CS prevents the initial bacterial attachment on the metal surface and thereby leads
to a reduction of biofilm formation. In short, due to the biodegradable nature, promising antimicrobial
properties of the building blocks, and high biocorrosion inhibition efficiency, the CS/LS nanospheres
can present a renewable, cost efficient, and environmentally benign biocide for the inhibition of SRB
induced MIC on carbon steel systems.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/13/11/2484/s1,
Figure S1: The Nyquist plot of the coupon incubated in the abiotic media (A). The corresponding Bode plots are
given in (B) and (C). Figure S2: (A) The Nyquist plot of the coupon incubated with SRB with CS/LS with different
concentrations from 0 to 1000 μg·mL−1. The impedance analysis was performed after 10 days of incubation. (B)
The Rct vs concentration of CS/LS after 10 days of incubation. The error bar indicates the standard deviation from
the three independent measurements. Figure S3: The Nyquist plot of the coupon after 7 days of incubation in
presence of CS/LS. Figure S4: Nyquist plot of the incubated coupon after 15 days in SRB enriched media with
5% GA. Inset shows the fitting equivalent circuit and the photographs of the incubation mixtures after 15 days
of incubation. Figure S5: SEM images of the biofilm grown on the coupon surface after being incubated with
SRB enriched media for 4 days without inhibitor (A) and in presence of 500 μg·mL−1 CS/LS (B). Figure S6: EDS
analysis of biofilm incubated in SRB enriched media without CS/LS (A) and with 500 μg·mL−1 CS/LS (B) after 35
days of incubation. Figure S7: Profilometry of the bare carbon steel coupon surface. (A) 2D and (B) 3D images.
Figure S8: Profilometry images (2D and 3D) of the cleaned carbon steel coupon surface after 35 days of incubation
in SRB without CS/LS (A and B) and SRB with 500 μg·mL−1 CS/LS (C and D), respectively. Table S1: Composition
of simulated seawater. Table S2. EIS fitting data. Table S3: XRF data of the biofilm incubated in SRB enriched
media without CS/LS (A) and with 500 μg·mL−1 CS/LS (B) after 35 days of incubation.
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Abstract: Biocides are frequently used to control sulfate-reducing bacteria (SRB) in biofouling.
The increasing restrictions of environmental regulations and growing safety concerns on the use
of biocides result in efforts to minimize the amount of biocide use and develop environmentally
friendly biocides. In this study, the antimicrobial activity and corrosion inhibition effect of a low-toxic
alternative biocide, benzyldimethyldodecylammonium chloride (BDMDAC), on a 304 stainless
steel substrate immersed in a Desulfovibrio desulfuricans (D. desulfuricans)-inoculated medium was
examined. Potentiodynamic polarization curves were used to analyze corrosion behavior. Biofilm
formation and corrosion products on the surfaces of 304 stainless steel coupons were examined using
scanning electron microscopy (SEM), energy-dispersive X-ray spectrum, and confocal laser scanning
microscopy (CLSM). Results demonstrated that this compound exhibited satisfactory results against
microbial corrosion by D. desulfuricans. The corrosion current density and current densities in the
anodic region were lower in the presence of BDMDAC in the D. desulfuricans-inoculated medium.
SEM and CLSM analyses revealed that the presence of BDMDAC mitigated formation of biofilm by
D. desulfuricans.

Keywords: microbial corrosion; sulfate-reducing bacteria; biocides; electrochemical test; confocal
laser scanning microscopy

1. Introduction

Microbiologically influenced corrosion (MIC), which is caused by interactions between various
microorganisms, is a long-term concern in many industries, including those involved with
underground pipelines, storage vessels, shipping, and marine equipment. Reports indicate that MIC
was responsible for at least 20% of all damaging corrosion, with a direct cost of $30–$50 billion annually
worldwide [1,2]. Among the various types of micro-organisms, SRB are considered the major bacterial
group responsible for microbial corrosion under anaerobic conditions [3,4]. Several studies have been
conducted to investigate SRB-induced corrosion of iron substrate, and SRB are widely accepted to
play a crucial role in the anaerobic MIC of iron, low-alloy steel, and stainless steel [5–17]. Various
mechanisms explain the enhanced corrosion caused by SRB. Among these, the primary mechanism
sees SRB reduce inorganic sulfate to hydrogen sulfide, resulting in the bulk equation (Fe + H2S →
FeS + H2) [18–21]. Moreover, extracellular polymer substances and corrosive metabolites secreted by
SRB [22,23], consumption of cathodic hydrogen and iron-derived electron transfers [24], and anodic
depolarization resulting from the local acidification at the anode [25], all affect the corrosion behavior
of iron.
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Because of economic losses and safety hazards, it is important to control microbial corrosion
by SRB and aggressive sulfide anions when they contact metal substrates. Several methods such as
biocide treatment, cathodic protection, and addition of nitrate (or nitrite) have been developed to
minimize the risks resulting from SRB activity [23,26]. Among these, biocide treatment is the most
common method of controlling microbial corrosion. Organotins, such as dibutyltin and tributyltin
(TBT), have been extensively used as antifouling agents in paints since the early 1970s. Despite their
high resistance to microbial corrosion in marine environments, these compounds were banned in
numerous parts of the world in the early 1990s due to the severe environmental and human health
risks that they pose [27–33]. Therefore, nontoxic or less-toxic alternative biocides must be developed
to substitute for TBT.

Quaternary ammonium compounds (QACs) are considered candidates for biocides because of
their excellent stability and antimicrobial properties [34–36]. QACs are surfactants with a hydrocarbon
water-repellent (hydrophobic) group and a water-attracting group (hydrophilic). The antimicrobial
properties of QACs mainly depend on the length of the long-chain alkyl group [37]. QACs have
wide applications ranging from clinical to industrial purposes. For example, they are used for the
disinfection of surfaces, equipment, and medical devices. Benzyldimethyldodecylammonium chloride
(BDMDAC) is a quaternary ammonium compound with a C12-alkyl chain. The negative charge of a cell
membrane easily attracts the positive charge of the ammonium group in BDMDAC. The hydrophobic
C12-alkyl chain inserts into the membrane, causing disruption of bacterial cells [38]. Thus, BDMDAC
is regarded as highly bactericidal. Comparing the median lethal dose (LD50) values of BDMDAC with
the TBT obtained from their respective material safety datasheets (Alfa Aesar, Ward Hill, MA, USA,
2015), the LD50 value for BDMDAC is two to three times higher than that of TBT (LD50 of BDMDAC:
400 mg/kg in rats; LD50 of TBT: 132 mg/kg in rats), suggesting BDMDAC is less toxic than TBT.

The objective of this study was to evaluate the antimicrobial properties of BDMDAC in anaerobic
conditions by examining the effect of BDMDAC as a biocide on D. desulfuricans. The influence of
BDMDAC and D. desulfuricans on the corrosion behavior of 304 stainless steel (304SS) was studied
using polarization curves.

2. Materials and Methods

2.1. Sample Preparation

The 304SS coupons (2 × 1 × 0.1 cm3) with a testing area of 2 cm2 were prepared for the
subsequent corrosion studies and biofilm observation. All the coupons were mechanically ground
using emery papers of 200–1200 grit, rinsed with deionized water, and then washed with alcohol in an
ultrasonic bath.

2.2. Bacteria and Culture Medium

Desulfovibrio desulfuricans subsp. desulfuricans, the SRB used in this study, was obtained from the
Bioresource Collection and Research Center, Hsinchu, Taiwan. The medium used for D. desulfuricans,
Postgate’s medium (DSMZ, Desulfovibrio medium, Medium 63), was prepared as follows [39–41]:
A 980 mL solution A (0.5 g of K2HPO4, 1 g of NH4Cl, 2 g of MgSO4·7H2O, 1 g of Na2SO4, 0.1 g of
CaCl2·2H2O, 1 g of yeast extract, and 2 g of sodium lactate) was boiled, and the dissolved oxygen in
the solution was removed using a mechanical deaerator with nitrogen. A 10 mL solution B (0.1 g of
ascorbic acid and 0.1 g of sodium thioglycolate) and a 10 mL solution C (0.5 g of FeSO4·7H2O) were
added to solution A. The medium was adjusted to pH 7.8 with NaOH and autoclaved at 120 ◦C for
15 min. D. desulfuricans was inoculated in the medium and cultured at 37 ◦C.

2.3. Bactericidal Assay of BDMDAC

Optical density at 600 nm (OD600) was measured using UV/VIS spectrophotometer (Optizen Pop,
Mecasys, Daejeon, Korea). The D. desulfuricans culture was left overnight and diluted to an OD600
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of 0.1 with a fresh medium. Various concentrations of BDMDAC were added to the culture and the
absorbance at 600 nm was recorded as bacterial growth curves.

2.4. Electrochemical Measurements

Potentiodynamic polarization curves were deduced using a Gamry Reference 600 potentiostat
(Warminster, PA, USA) to evaluate corrosion performance [5,6,8,42–44]. A standard three-electrode
system comprising a graphite counter electrode and saturated calomel electrode (SCE) as a reference
electrode was used in all electrochemical tests. Three polarization curve measurements were performed
under different working solutions as follows: (1) 304SS coupons in a culture medium without
D. desulfuricans inoculation and BDMDAC (labeled as a blank solution); (2) 304SS coupons in a
D. desulfuricans-inoculated medium without BDMDAC (labeled as an SRB solution); and (3) 304SS
coupons in a D. desulfuricans-inoculated medium with BDMDAC (labeled as a BDMDAC solution).
Potentiodynamic polarization curve measurements were obtained by sweeping the potential from
−0.5 to 1.5 V versus open circuit potential at a scan rate of 1 mV/s [42]. Corrosion potential (Ecorr) and
current density (Icorr) were determined through Tafel extrapolation. The test area on the 304SS coupons
for all electrochemical tests was 2 cm2.

2.5. Surface Characterization

Biofilm formation and corrosion products formed on the 304SS coupons after different immersion
times in various working solutions were analyzed through scanning electron microscopy (SEM)
(JSM-6510, JEOL, Tokyo, Japan) and energy-dispersive X-ray spectrum (EDS) (Inca x-act, Oxford
Analytical Instruments, Abington, UK). After the immersion tests, the 304SS coupons were extracted,
rinsed with distilled water, and then fixed with 2.5 wt % glutaraldehyde for 15 min, followed by
dehydration in a graded series of ethanol solutions (30%, 50%, 70%, 90%, and 100% for 15 min each)
and air drying [7,45–47]. The dried coupons were coated with plate platinum on the surface and then
studied using SEM. EDS was performed to analyze the chemical compositions of the biofilms and
corrosion products. The surface morphology of 304SS coupons after polarization curve measurements
was examined under an optical microscope (OM) (SG-3006HM, SAGE Vision, New Taipei City, Taiwan).

2.6. CLSM

Confocal laser scanning microscopy (CLSM) (LSM780, Carl Zeiss, Jena, Germany) was used
in this study to detect the live and dead cells in the biofilms [46–49]. The 304SS coupons were
immersed in a culture medium without inoculation, or with D. desulfuricans inoculum in the absence
or presence of 25 ppm BDMDAC at 37 ◦C at different time intervals up to 28 days. After cleaning
the surface once with phosphate-buffered saline, the biofilms were stained with LIVE/DEADTM

BacLightTM bacterial viability kit (L7012, Thermo Fisher Scientific, Waltham, MA, USA). After staining,
the coupons were observed under a fluorescence microscope. Live cells and dead cells appeared green
and red, respectively, in the biofilm. The three-dimensional (3D) scanning images obtained by CLSM
were used to measure biofilm thicknesses [46,47].

3. Results and Discussion

3.1. Bactericidal Assay of BDMDAC

To test the antimicrobial activity of BDMDAC, the growth of D. desulfuricans was monitored
in different concentrations of BDMDAC. The cell growth in 10 ppm BDMDAC did not differ from
control (0 ppm) (Figure 1). When the BDMDAC concentration was elevated to 15 and 20 ppm, cell
growth was slowed, with doubling time increasing from 12 to 18 h. Furthermore, when 25 and 50 ppm
BDMDAC was added to the SRB solution, the cells did not grow. Therefore, the minimum inhibition
concentration of BDMDAC for D. desulfuricans is 25 ppm.
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To validate the long-term antimicrobial effect, D. desulfuricans was inoculated in a medium
containing 25 ppm BDMDAC, which was then incubated for 4 weeks at 37 ◦C. As shown in Figure 2,
no growth was observed during this period. Thus, BDMDAC has a favorable inhibitory effect on the
growth of D. desulfuricans.

Figure 1. Effects of BDMDAC concentration on the growth curve of D. desulfuricans as a function of
time in hours.

Figure 2. Visual inspection of the D. desulfuricans-inoculated medium with and without BDMDAC
after (a) 7 days and (b) 28 days of incubation.
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3.2. SEM

Figure 3 displays the morphological characteristics of the biofilms grown on 304SS coupons after
different immersion times in the D. desulfuricans-inoculated medium with and without BDMDAC
addition. The surface morphologies of the 304SS coupons immersed in the culture medium without
inoculation are shown for comparison. The SEM images reveal that the surfaces of the 304SS coupons
were strongly influenced in the absence of D. desulfuricans and BDMDAC. First, Figure 3a,c show
no visible corrosion products or biofilms formed on the 304SS coupons in the blank and BDMDAC
solutions after 14 days of immersion, whereas Figure 3b displays corrosion products and biofilms on
the 304SS coupon in the SRB solution. Some pitting is observable on the surface of the 304SS coupons
in the blank and BDMDAC solutions, but this is only in a few locations. This observation is attributable
to the presence of Cl− ions in the culture medium [50–52]. The EDS elemental analysis results (Table 1)
reveal that, in addition to characteristic corrosion products (Fe and O), sulfur elements were detected
after 14 days of immersion in the SRB solution. Sulfur elements mainly result from the metabolic
activity of SRB (formation of FeS) [53]. Thus, the EDS results suggest that the addition of BDMDAC
in the SRB solution could decrease the activity of SRB and reduce the formation of biofilm. After
extending the immersion time to 28 days, large areas of corrosion products and biofilms were observed
on the coupons immersed in the SRB solution (Figure 3e), whereas the 304SS surface was largely
intact in the blank and BDMDAC solutions (Figure 3d,f). Moreover, the EDS elemental analysis results
revealed increased sulfur elements on the coupons immersed in the SRB solution. By contrast, sulfur
elements were not observed on the 304SS coupons immersed in the blank and BDMDAC solutions.
These results confirm the inhibition efficiency of 25 ppm BDMDAC.

Figure 3. SEM images of the 304SS coupons after different immersion times in various solutions:
(a) blank for 14 days; (b) SRB for 14 days; (c) BDMDAC for 14 days; (d) blank for 28 days; (e) SRB for
28 days; and (f) BDMDAC for 28 days.
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Table 1. EDS analysis results after 14 and 28 days of immersion.

Immersion Times Elements (wt %) O S Cr Fe Ni Si

14 days Spectrum 1 8.39 4.67 14.66 64.57 5.42 2.29
28 days Spectrum 2 - - 19.59 71.51 8.23 0.67

Spectrum 3 32.26 14.34 - 53.40 - -
Spectrum 4 - - 19.36 72.53 8.11 -

3.3. CLSM

To evaluate the inhibitory effect of BDMDAC to biofilm formation, CLSM was used for observation.
Figure 4 shows the CLSM images of the 304SS coupons after 14 and 28 days of immersion in various
solutions. In the culture medium without D. desulfuricans inoculation and BDMDAC, no growth was
observed (Figure 4a,d). After incubation with D. desulfuricans, numerous green dots were observed,
as shown in Figure 4b,e. The cells in the biofilm were stained green after staining, suggesting that most
of the cells were alive. Furthermore, Figure 4b,e show that the thickness of biofilm increased to 18 and
40 μm for 14 and 28 days of immersion, respectively. In the prescence of BDMDAC, the thickness of
biofilm was less than 20 μm, even after 4 weeks. Furthermore, most cells in the biofilm were now dead,
as indicated by the red stains (Figure 4c,f). Notably, the biofilm grown on the 304SS coupons in the
BDMDAC solution was not visible in the previous SEM images (Figure 3c,f). This can be attributed to
the fact that killed bacteria or disrupted biofilm due to BDMDAC addition are easily removed during
the cleaning process of SEM sample preparation.

Figure 4. CLSM 3D images of the 304SS coupons after different immersion times in various solutions:
(a) blank for 14 days; (b) SRB for 14 days; (c) BDMDAC for 14 days; (d) blank for 28 days; (e) SRB for
28 days; and (f) BDMDAC for 28 days.
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3.4. Potentiodynamic Polarization

Figure 5 illustrates the potentiodynamic polarization curves of coupons under different immersion
environments after 14- and 28-day immersion periods. The values of Ecorr and Icorr according to the
potentiodynamic polarization curve are listed in Table 2. Table 2 shows that the corrosion current
densities Icorr in the presence of bacteria were higher than that in the control medium for each
corresponding exposure time, which suggests the occurrence of MIC. The Icorr value was highest
in the presence of D. desulfuricans. Furthermore, the current density of the anodic branch in the
304SS coupons in the SRB solution was higher than that of those immersed in blank solutions for
each corresponding immersion time. These observations can be attributed to the aggressive role
of bacteria in enhancing the corrosion of stainless steel by destroying the oxide layer on stainless
steel [54]. The Icorr value and current density of the anodic branch for the 304SS coupons immersed
in the BDMDAC solution significantly decreased compared with coupons after 14 and 28 days of
immersion in the SRB solution. These results indicate the ability of BDMDAC to protect stainless
steel substrate against D. desulfuricans. Notably, the potentiodynamic polarization curves of coupons
exposed to the BDMDAC solution still exhibited a little positive shift compared with those of the blank
solution curves. This observation can be attributed to the fact that the bacterial adhesion and biofilm
formation at very beginning of immersion test could affect the physical and chemical conditions of
304SS coupons, and result in adverse effects on their corrosion performance. Figure 6 shows the OM
images of 14-day immersed coupons after potentiodynamic polarization curve measurements. As
can be seen, the obvious localized corrosion was found on the 304SS coupon in the SRB solution (as
indicated by red arrows in the Figure 6b). This can be attributed to the MIC effect, leading to the
deterioration of passive film by sulfide produced by SRB [42] after being immersed in the SRB solution.
These results provide considerable support for our potentiodynamic polarization curve results that
the lower current density of the anodic branch and poor passivity were found on the 304SS coupon
immersed in the SRB solution.

Figure 5. Potentiodynamic polarization curves for the 304SS coupons after 14 days (a) and 28 days (b)
of immersion in various solutions.
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Table 2. Corrosion potential and corrosion current density measured according to potentiodynamic
polarization curves after 14 and 28 days of immersion.

Samples
Blank

14 days
SRB

14 days
BDMDAC

14 days
Blank

28 days
SRB

28 days
BDMDAC

28 days

Ecorr
(mV vs. SCE) −755 ± 36 −733 ± 38 −758 ± 58 −751 ± 24 −765 ± 23 −764 ± 32

Icorr
(μA/cm2) 1.06 ± 0.06 2.39 ± 0.25 1.57 ± 0.02 0.95 ± 0.05 3.06 ± 0.25 1.83 ± 0.08

Figure 6. OM images of 304SS coupons after potentiodynamic polarization curve measurements. These
surfaces were initially exposed to (a) blank for 14 days; (b) SRB for 14 days; and (c) BDMDAC for
14 days.

3.5. Limitations of This Study

Electrochemical techniques include potentiodynamic polarization are useful for examining the
corrosion performance of metallic substrates. However, some limitations of electrochemical techniques
for investigating microbial corrosion have been proposed. Javaherdashti has mentioned that large
polarizations could be deleterious to micro-organisms in the biofilm [55]. However, it should be
noticed that the two examples provided in this reference focused on cathodic protection and its effect(s)
on MIC. A possible mechanism is that the application of cathodic potential will increase local pH (due
to ORR reaction: O2 + 2H2O + 4e− → 4OH−) and result in inhibiting the bacterial reproduction of
microbes in such a high alkaline environment [56,57]. In addition, the time staying in the cathodic
polarization potential is another important issue to study the effects of cathodic polarization on MIC.
Little et al. [58] and Romero et al. [59] had polarized their samples at –400 mV (vs. SCE) for 72 h and
–1000 mV (vs. SCE) for 3–72 h, respectively, to investigate the cathodic polarization effects on MIC.
In contrast, the length of sample staying in the cathodic polarization potential is only 500 s (from
–500 mV to 0 mV vs. open circuit potential (OCP), scan rate: 1 mV/s) in the present study. As a result, it
is believed that the electrochemical experimental setup used in this study is likely to have less influence
on the microbial environment.

On the other hand, potentiodynamic polarization curves were not periodically made during the
immersion test in the present study. These measurements were applied and started applying potential
on the 304SS coupons only after 14 or 28 days of immersion. Although the bacterial activity may be
influenced during the polarization test, MIC-induced changes in the electrochemical conditions of
304SS coupons during 14 or 28 days of immersion had resulted in adverse effects on their corrosion
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performance. The potentiodynamic polarization curve measurement of coupons under different
corrosion conditions (with and without bacteria) after different exposure times had also been used in
numerous relevant studies [5,42–44]. In addition, the coupons for 14- and 28-day immersion tests were
prepared in the different bottles, indicating the polarization potential applied on the 14-day immersed
coupons would not have influence on the bacteria and culture medium in 28-day immersed ones.
For all the above reasons, the electrochemical analysis used in this study gives useful information for
research purposes.

4. Conclusions

In this study, potentiodynamic polarization curves were employed together with SEM and
CLSM techniques to investigate corrosion and microbial corrosion inhibition of BDMDAC for
304SS substrates. The results reveal that BDMDAC achieved satisfactory results against microbial
corrosion by D. desulfuricans in anaerobic conditions. Addition of 25 ppm BDMDAC could effectively
inhibit the growth of D. desulfuricans. Surface characterization results revealed no biofilm on the
304SS coupons surfaces after BDMDAC was added to the D. desulfuricans-inoculated medium. The
electrochemical results revealed deceleration of corrosion caused by the addition of BDMDAC in the
D. desulfuricans-inoculated medium, which was demonstrated by the decrease of current densities in
the anodic region and Icorr.
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Abstract: Benzimidazole derivatives were synthesized, characterized, and tested as a corrosion
inhibitor for J55 steel in a 3.5 wt % NaCl solution saturated with carbon dioxide. The experimental
results revealed that inhibitors are effective for steel protection, with an inhibition efficiency of 94%
in the presence of 400 mg/L of inhibitor. The adsorption of the benzimidazole derivatives on J55
steel was found to obey Langmuir’s adsorption isotherm. The addition of inhibitors decreases the
cathodic as well anodic current densities and significantly strengthens impedance parameters. X-ray
photoelectron spectroscopy (XPS) was used for steel surface characterization. Density functional
theory (DFT) and molecular dynamic simulation (MD) were applied for theoretical studies.

Keywords: corrosion; XPS; J55 steel; carbon dioxide; molecular dynamic simulation

1. Introduction

Carbon dioxide corrosion is the most commonly faced problem in the petroleum industry, and thus
it has been a hot research topic for many years. Corrosion prevention consists of different methods,
but one of these methods, the introduction of organic compounds as corrosion inhibitors, is both
effective and cheap [1–3].

The inhibition action of organic compounds depends on the nature of the molecular structure,
inhibitor planarity, electron donating functional groups, non-bonding electrons on heteroatoms, i.e.,
oxygen, nitrogen, and sulfur, and presence of π bonds in the aromatic ring [4]. In recent years, corrosion
scientists have been interested in finding green and environment-friendly inhibitors [5]. Benzimidazole
derivatives that show antitumor and antimicrobial activities have been categorized in the group of
green compounds [6,7].

A survey of the literature reveals that in the past decades, various imidazole and benzimidazole
derivatives have been used as anti-sweet corrosion inhibitors [8–15]. However, no literature exits
about using benzimidazole as a corrosion inhibitor in a brine solution saturated with carbon dioxide.
Benzimidazole has planar structure with two nitrogen atoms that provides a closer approach for
interaction with the metal surface, aromatic properties, and an option for introducing different
substituents.
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The main purpose of the present paper was to elucidate the corrosion inhibition effect of the
number of electron donating methoxy groups on the phenyl ring of the three synthesized benzimidazole
derivatives, namely, 2-(3,4,5-Trimethoxyphenyl)-1H-benzo[d] imidazole (TMI), 2-(3,4-Dimethoxyphenyl)-
1H-benzo[d] imidazole (DMI), and 2-(4-Methoxyphenyl)-1H-benzo[d] imidazole (MMI), for J55 steel
saturated with CO2 in a 3.5% NaCl solution. Corrosion inhibition properties of the benzimidazole
derivatives were analyzed using the static weight-loss method and electrochemical methods, i.e.,
impedance spectroscopy (EIS) and potentiodynamic polarization. Meanwhile, the J55 steel surface
was examined by scanning electron microscope (SEM) and X-ray photoelectron spectroscopy (XPS).
The potential site for protonation was estimated using density functional theory (DFT). The interaction
of the benzimidazole derivatives with the J55 steel surface was studied by molecular dynamic
simulation (MD).

2. Experiment

2.1. J55 Steel Sample

J55 steel specimens were used in all experiments. All specimens used for weight-loss experiments
were machined to rectangle coupons. Before the initiation of the experiment, the metal surface was
mechanically grounded with emery papers graded 400–1200, washed with acetone and double distilled
water, and lastly dried using a dryer. The J55 steel composition was (wt %): C (0.31), Mn (0.92), Si (0.19),
P (0.01), Cr (0.2), S (0.008), and Fe in balance. The dimension of the steel coupons used for weight-loss
and electrochemical experiments were 5.0 cm × 2.5 cm × 0.2 cm and 1 cm2.

2.2. Corrosive Medium

The corrosive medium (3.5 wt % NaCl) was prepared using analytical grade NaCl and double
distilled water. The concentration ranges of each tested inhibitor used in the course of the experiments
were 50 to 400 mg/L. Before the experiments, N2 gas was bubbled for 3 h in the corrosive solution
in order to remove the oxygen. Then, the solution was deoxygenated by purging CO2 gas for 4 h.
The specimens were then immersed into the solution while the CO2 gas-purging at a pressure of 6 MPa
was maintained to ensure a full saturation throughout the test. The electrochemical setup was sealed
during the experiment. The initial pH of the corrosive medium was 4.

2.3. Synthesis of Inhibitor

The synthesis of benzimidazole derivatives was carried out using the reported method [16].
In a round bottom flask, aromatic aldehyde (2 mmol), o-phenylenediamine (2 mmol), boric acid
(0.1 g), and water (10 mL) were stirred at room temperature for 15–30 min. After the completion of the
reaction, 5 mL water was added and the mixture was further stirred for 10 min. The obtained precipitate
was filtered and purified by recrystallization from ethanol. The characterization of benzimidazole
derivatives was done by 1H NMR and 13C NMR (AVH D 500 ADVANCE III HD One Bay NMR
Spectrometer, Bruker Bio Spin International AG, Billerica, MA, USA). 1H and 13C spectra were recorded
at 400 MHz and 100 MHz, respectively, using CDCl3 as a solvent. The synthesis scheme and molecular
structure are shown in Figure 1. The 1H NMR and 13C NMR spectra are given in the supplementary
file (Figures S1 and S2).
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Figure 1. Synthetic scheme and molecular structure of the benzimidazole derivatives. 2-(3,4,5-
Trimethoxyphenyl)-1H-benzo[d] imidazole (TMI); 2-(3,4-Dimethoxyphenyl)-1H-benzo[d] imidazole
(DMI); and 2-(4-Methoxyphenyl)-1H-benzo[d] imidazole (MMI).

2.4. NMR Data for Synthesized Inhibitors

2.4.1. 2-(4-Methoxyphenyl)-1H-Benzo[d]Imidazole (MMI)

1H NMR (300 MHz, DMSO-d6) δ (ppm): 12.72 (brs, 1H, NH), 8.10 (d, J = 8.39 Hz, 2H), 7.54 (brs,
2H), 7.19–7.07 (m, 4H), 3.82 (s, 3H).

13C NMR, δ (ppm): 55.38, 114.43, 122.34, 123.54, 128.58, 151.58, 161.78.

2.4.2. 2-(3,4-Dimethoxyphenyl)-1H-Benzo[d]Imidazole (DMI)

1H NMR (300 MHz, DMSO-d6) δ (ppm): 12.76 (s, 1H, NH), 7.80–7.71 (m, 2H), 7.66–7.44 (m, 2H),
7.20–7.06 (m, 3H), 3.87 (s, 3H), 3.82 (s, 3H).

13C NMR δ (ppm): 151.52, 150.31, 148.92, 143.76, 134.95, 122.74, 121.85, 119.30, 118.22, 111.81,
111.08, 109.71, 55.62, 55.59.

2.4.3. 2-(3,4,5-Trimethoxyphenyl)-1H-Benzo[d]Imidazole (TMI)

1H NMR (300 MHz, DMSO-d6) δ (ppm): 12.87 (s, 1H, NH), 7.71–7.48 (m, 5H), 7.19 (s, 2H), 3.88
(s, 6H), 3.69 (s, 3H).

13C NMR δ (ppm): 153.32, 151.33, 143.79, 138.87, 135.00, 125.59, 122.66, 121.82, 118.78, 111.36,
103.81, 60.31, 56.12.

2.5. Weight Loss

ASTM G31-2004 standard was used to determine the duration of the test for the weight-loss
experiments. The test duration was 24 h. The corrosion rates were calculated using the weight-loss
method data. After 24 h of exposure, the steel coupons were rinsed with distilled water and Clarke’s
solution for 5 min. Finally, the coupons were rinsed with distilled water and dried. All weight-loss
experiments were performed in triplicate at 333 K for 24 h. Through the weight-loss method, the
corrosion rates were calculated as follows:

CR =
8.76 × Δm

ρat
(1)
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where W is the average weight loss of the J55 steel specimen (mg), a is total area of the J55 steel
specimen, t is the immersion time (24 h), and D is density of the J55 steel in (g cm−3).

2.6. Electrochemical Analysis

An Autolab Potentiostat device (Metrohm, the Netherland) was used for electrochemical analysis.
A three electrode setup was attached to the potentiostat that had a saturated calomel electrode (SCE)
as a reference electrode, a graphite rod as an auxiliary electrode, and the J55 steel as the working
electrode. At first, the working electrode was immersed in the test medium, i.e., 3.5% NaCl saturated
with carbon dioxide for 30 min at 303 K before each experiment to maintain the steady state corrosion
potential (Ecorr).

The electrochemical impedance spectroscopy (EIS) was performed in the range of frequency
100 kHz to 10 mHz at an open circuit potential, by setting 10 mV as the AC sine wave amplitude
frequency per decade. Calculations of inhibition efficiencies were done as follows:

η% =

(
1 − Rct

Rct(i)

)
× 100 (2)

where Rct and Rct(i) are representative of the resistance of charge transfer without and with the studied
inhibitors, respectively.

The potentiodynamic polarization study of the J55 steel without and with the inhibitors was
conducted in the range of −250 mV to +250 mV potential and the scan rate used was 1 mV/s.
The following equation was used for the inhibition efficiency calculation:

η% =

(
1 − icorr(i)

icorr

)
× 100 (3)

where, icorr and icorr(i) represent the values of corrosion current densities without and with inhibitors,
respectively.

2.7. X-ray Photoelectron Spectroscopy (XPS)

XPS (VG ESCALAB 220 XL spectrometer instrument, Thermo Scientific, Waltham, MA, USA)
was used to analyze the chemical composition of corrosion products on the specimen after testing in
the test solution. The processing of XPS data was achieved using XPS Peak-Fit 4.1 software (Hong
Kong, China). The high resolution XPS spectra of C 1s, N 1s, O 1s, and Fe 2p of the TMI inhibitor
were analyzed.

2.8. Quantum Chemical Calculation

The quantum chemical calculation was performed using density functional theory (DFT). The basis
sets used in the present investigation were the DFT/B3LYP methods using 6-311G (d, p) and the
Gaussian 09 program package (Wallingford, CT, USA) [17].

2.9. MD Simulations and Radial Distribution Function

BIOVIA Materials Studio software 7.0 (San Diego, CA, USA) were used for simulations [18]. A slab
size of the 5 Å Fe (110) surface was selected due to its packed and stable configuration [19]. To allow
for better metal-inhibitor interaction-analysis, a simulation box with dimensions of 24.82 × 24.82 ×
35.69 Å3 was used. Also in the simulation box, corrosive particles such as 9Cl−, 491H2O, 9CO2−

3 ,
and benzimidazole derivatives in their neutral and protonated forms were added. All simulations
were executed at a temperature of 303 K and an Andersen thermostat was used to maintain the
constant temperature. A COMPASS force field was used for energy minimization and MD calculation
processes [20,21].
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The radial distribution functions (RDFs) can be defined as the probability of finding particle
B around particle A at a definite range. The RDF calculations were performed using simulation
trajectories [22]. The radial distribution function can be represented as [23]

gAB(r) =
1

〈ρB〉local
× 1

NA

NA

∑
i∈A

NB

∑
j∈B

δ(rij − r)
4πr2 (4)

where ρBlocal is the density of particle B averaged over all shells around particle A.

3. Results and Discussion

3.1. Weight-Loss Experiment

3.1.1. Concentration Effect

The effect of the benzimidazole derivative concentrations on the protection ability of the metal
surface is represented in the form of a concentration vs. inhibition efficiency plot (Figure 2a) Table 1.

  

Figure 2. (a) Variation of inhibition efficiency (η %) with inhibitor concentration at 333 K; (b) Langmuir
Isotherm plots for adsorption of inhibitors; (c) The relationship between ln Kads and 1000/T at optimum
concentration of inhibitors.

Table 1. Corrosion inhibition efficiency with the inhibitor concentrations.

Concentrations (mM)
η (%)

TMI DMI TMI

0.176 55.4 39.0 26.3
0.352 68.1 50.0 40.9
0.703 82.7 71.8 63.6
1.055 89.0 76.3 72.7
1.407 94.5 83.6 79.0
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From Figure 2a–c and Table 1, it is obvious that the inhibitory performance of benzimidazole
derivatives increased with an increase in their concentration and attained values of 94% (TMI), 83.7%
(DMI), and 79% (MMI) at 400 mg/L. The increase in inhibitory performance is due to more coverage
of the metal surface because of the adsorption of the benzimidazole derivatives molecules onto the
J55 steel surface, which finally reduced the attack of acid. This finding suggests that the molecular
structure of benzimidazole derivative molecules has a great influence on the inhibition efficiency
values. In this study the inhibitor molecules had π electrons in the aromatic ring and non-bonding
electrons on the heteroatoms, such as oxygen and nitrogen, which helped the inhibitor to adsorb onto
the J55 steel surface [24].

The number of electron donating functional groups could also affect the adsorption tendency of
the inhibitor, i.e., with more electron donating functional groups, the adoption would be stronger and
the inhibition efficiency would be higher. Thus, in the present case, TMI had the highest protection
ability due to the presence of three OCH3 groups. Therefore, the inhibition efficiency order was TMI >
DMI > MMI.

3.1.2. Adsorption Isotherm of Inhibitor on J55 Steel

Many adsorption isotherms like Langmuir, Frumkin, Flory Huggins, and Temkin were investigated
to find a good fit with the experimental study. Out of these isotherms, the Langmuir isotherm, i.e.,
Cinh/θ vs. the inhibitor concentration (Cinh), was found to be the best fit due to the slope and regression
coefficient (R2) values approaching towards unity (Figure 2b). The Langmuir isotherm is given by the
following formula [25]:

Cinh
θ

=
1

Kads
+ Cinh (5)

where Cinh is the benzimidazole derivatives concentration (mg/L) and θ and Kads represent the
surface coverage and equilibrium adsorption constant, respectively. Although examination of slope
values suggests a good fit, it slightly deviates from unity, which is not consistent with the Langmuir
adsorption isotherm assumption of monolayer adsorption of inhibitor molecules on the metal surface.
According to Eduok and Khaled [26], the discrepancies in slope values are related to the adsorption
phenomena, and thus it is important to consider another physical characteristic of the adsorption
isotherm. The Langmuir adsorption isotherm can be mathematically represented in terms of the
dimensionless separation constant (KL), and is given by the following equation [26]:

KL =
1

1 + KadsC
(6)

where KL is the dimensionless separation factor of inhibitor-adsorption. The mean values of the
calculated KL are given in Table 2. Ideally, when the value of KL is less than unity, the adsorption
process is considered to be favorable and the experimental data fit the Langmuir adsorption isotherm.
The adsorption process is unfavorable when KL is greater than unity, and irreversible at KL = 1.
The mean values of KL were less than unity, suggesting that the adsorption process was favorable.
The supplementary file (Figure S3) contains the Frumkin, Flory Huggins, and Temkin isotherm plots.
The Kads values were determined from the intercept of the Langmuir plots and are listed in Table 2.
The strength of the adsorption of the benzimidazole derivatives molecules on J55 steel are represented
by the values of Kads. From the table it can be observed that as the value of the OCH3 group increased,
the values of Kads increased, and the highest Kads was for TMI, which suggests it is had the strongest
adsorption onto the metal surface [27,28].

258



Materials 2019, 12, 17

Table 2. Langmuir adsorption isotherm and thermodynamic parameters for the synthesized inhibitors.

Inhibitor Slope
Regression

Coefficient (R2)
Kads

(103 M−1)
ΔGo

ads
(kJ/mol)

ΔHo
ads

(kJ/mol)
KL

(mean)

TMI 0.949 0.998 5.88 −35.15 −81.87 0.251
DMI 0.988 0.995 3.22 −33.49 −57.59 0.364
MMI 0.888 0.997 1.93 −32.07 −52.74 0.472

3.1.3. Thermodynamic Parameters of Adsorption

The adsorption behavior and the nature of the adsorption were determined by calculating
the thermodynamic parameters of adsorption. The standard free energy of adsorption, i.e., ΔGo

ads,
was correlated to Kads according to the following equation [29]:

ΔGo
ads = −2.303RT log(55.5Kads) (7)

where the absolute temperature and universal gas constants are represented by T and R, respectively,
and 55.5 is the magnitude of the water molecules concentration. Table 2 reveals that the ΔGo

ads values
are negative, suggesting a spontaneous adsorption process [30].

Thermodynamically, Kads is related to the standard enthalpy and entropy of adsorption, i.e., ΔHo
ads

and ΔSo
ads and can be calculated using the Van’t Hoff equation:

ln Kads =
−ΔHo

ads
RT

+
ΔSo

ads
R

− ln CH2O (8)

where ΔHo
ads and ΔSo

ads are the standard enthalpy and entropy of adsorption. The graph of ln Kads
vs. 1/T is given in Figure 2c. The slopes of (ΔHo

ads/R) were used for the calculation of ΔHo
ads values

and are shown in Table 2. In general, the adsorption process is exothermic in nature, which means
it is accompanied by the release of energy. All values of ΔHo

ads were negative, so the process of
adsorption of inhibitor molecules was exothermic in nature. It should be noted that in the present
investigation, ΔHo

ads values were between −52 and −81 kJ/mol, which reveals that the adsorption of
the benzimidazole derivatives was both physical and chemical in nature [31]. One more important
parameter is that ΔGo

ads was between −40 kJ/mol and −20 kJ/ mol, which further confirms that the
adsorption of inhibitor molecules on the J55 steel surface was both physical and chemical [32–35].

3.2. Electrochemical Studies

3.2.1. Electrochemical Impedance Spectroscopy (EIS) Studies

The capacitive and inductive behaviors of J55 steel were studied by an electrochemical impedance
study. The impedance behavior of the metal is represented in the form of Nyquist plots (Figure 3a–c)
at 308 K. According to Figure 3a–c, at a high frequency, a capacitive loop arises that consists of a
depressed semicircle. This phenomenon is due to the charge-transfer and capacitance created by the
double layer [36,37]. Also, the capacitive loop diameter in the presence of benzimidazole derivatives
is larger as compared to that of the blank. Meanwhile, the capacitive loop diameter increased as
the benzimidazole concentration increased, which is because of the adsorption of the benzimidazole
derivative molecules onto the metal, which formed a barrier of inhibitor molecules and, in turn,
enhanced the corrosion-resistance property of the metal [38–40].
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Figure 3. Nyquist plots in absence and presence of different concentration of inhibitors: (a) TMI;
(b) DMI; (c) MMI; (d,e) Equivalent circuits used.

It is interesting to note that in the absence of inhibitors and at 100 mg/L concentration of
inhibitors, an inductive loop was also observed due to the adsorption of the intermediate product, i.e.,
FeOHads, which was formed during the dissolution of the J55 steel [41]. However, as the concentration
of benzimidazole derivatives increased, only capacitive loops were observed and inductive loops
disappeared. This may be due to a larger area of the J55 steel being covered by benzimidazole
derivative molecules with increasing concentration, which finally reduces the J55 steel corrosion.

For impedance data calculations, two circuits were used and are shown in Figure 3d,e. The
elements used for construction of the circuits consisted of a resistor for charge transfer (Rct), inductor
(L), solution resistor (Rs), and constant phase element (CPE). The CPE was used for accurate fitting of
the circuit because it can compensate for the effects that cause deviations such as surface roughness,
dislocation, imperfection, impurities, inhibitor adsorption, etc. [42–46].

Table 3 represents the fitted-curve impedance results. It can be noted that the Rct and Y0 values at
each concentration of all benzimidazole derivatives are showing an opposite trend, in other words,
Y0 decreases and Rct increases. This phenomenon is because of the adsorption of the benzimidazole
molecules onto the J55 steel, which finally enhances the J55 steel corrosion-resistance property [47].
The values of Rct at 400 mg/L for TMI, DMI, and MMI were 2466 Ω cm2, 866 Ω cm2, and 697 Ω cm2,
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respectively. Thus, the TMI derivative provided the maximum resistance towards corrosion. This
is because of the three electron donating OCH3 groups in TMI. The increase in n values with the
addition of bezimidazole derivatives is due to the adsorption of the derivatives, which enhances
the homogeneity of the derivatives [48]. Thus, with an increase in the number of electron donating
functional groups, the corrosion inhibition property is increased. Therefore, the effectiveness of the
benzimidazole derivatives as corrosion inhibitors can be given as TMI > DMI > MMI.

Table 3. Electrochemical impedance parameters in absence and presence of different concentrations of
inhibitors at 308 K.

Cinh
(mg L−1)

Rs
(Ω)

Rct
(Ω cm2)

Y0

(μF/cm2)
n L

(H)
η

(%)

Blank 4.817 135.57 512.7 0.601 8.04 –

TMI

100 4.927 350.33 278.3 0.789 – 61.3

200 5.190 573.21 210.6 0.854 – 76.3

300 5.562 1400.01 140.9 0.855 – 90.3

400 5.601 2466.17 42.45 0.879 – 94.5

DMI

100 6.159 269.84 296.1 0.771 60.02 49.7

200 5.930 485.34 285.9 0.816 – 72.0

300 5.593 624.24 156.5 0.839 – 78.2

400 5.473 866.87 76.56 0.848 – 84.3

MMI

100 5.255 231.39 325.2 0.769 35.46 41.4

200 6.01 377.24 291.4 0.804 – 64.0

300 5.416 557.11 234.5 0.812 – 75.6

400 5.601 697.71 125.5 0.827 – 80.5

3.2.2. Potentiodynamic Polarization Analysis

The Tafel plots of the J55 steel in 3.5% NaCl saturated with carbon dioxide without and
with different concentrations of benzimidazole derivatives are represented in Figure 4a–c. Some
important electrochemical parameters such as corrosion current density (icorr), corrosion potential
(Ecorr), cathodic Tafel slope (βc), anodic Tafel slope (βc), and inhibition efficiency (IE%) are shown
in Table 4. The observation of Table 3 shows that the corrosion-current density values shift from
104.4 μA/cm2 (Blank) to 5.5 μA/cm2 (TMI), 13.2 μA/cm2 (DMI), and 21.5 μA/cm2 (MMI), and this
represents that benzimidazole derivatives are effective corrosion inhibitors. The values of the maximum
inhibition efficiency are 94%, 87%, and 79% for TMI, DMI, and MMI, respectively at 400 mg/L. Also,
the addition of the benzimidazole derivative molecules to the aggressive medium caused reduction
of both the anodic and cathodic current density. All the studied benzimidazole derivative molecules
with the increment of concentration reduced more H+ ions in the cathodic reactions as compared to
anodic dissolution reactions. According to Figure 4a–c, the cathodic Tafel lines are parallel, suggesting
that the activation-control evolution of H2 gas and the mechanism of H+ to H2 conversion/reduction
are not modified by the presence of benzimidazole derivatives. Also, with increased concentration
of benzimidazole derivatives, the βc values were changed, indicating that benzimidazole derivatives
affected the hydrogen evolution kinetics. This is because of the diffusion or barrier effect [49]. Similarly,
the slope values of the anodic Tafel lines, i.e., βa, also underwent changes with increased benzimidazole
derivative concentration, suggesting that the studied inhibitor molecules were initially adsorbed over
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the J55 steel surface, reducing the process of corrosion by blocking the reactive sites presented on the
J55 steel without altering the mechanism of the anodic reaction [50].

  

Figure 4. Potentidynamic polarization curves in absence and presence of different concentrations of
inhibitors: (a) TMI; (b) DMI; (c) MMI.

Table 4. Electrochemical polarization parameters in the absence and presence of different concentrations
of inhibitors at 308 K.

Inhibitor
Ecorr

(mV/SCE)
icorr

(μA/cm2)
βa

(mV/dec)
−βc

(mV/dec)
η

(%)

Blank −576 104.4 154 590 –

TMI

100 −666 45.0 192 683 56.8

200 −717 29.3 92 443 71.9

300 −669 20.0 114 499 80.7

400 −691 5.5 80 382 94.7

DMI

100 −727 51.4 190 693 50.5

200 −723 34.4 106 425 66.9

300 −720 25.2 82 489 75.7

400 −685 13.2 85 499 87.2

MMI

100 −694 65.2 183 796 37.2

200 −709 45.9 118 846 55.8

300 −678 27.7 105 542 73.2

400 −676 21.5 183 511 79.3
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Tafel curves showed that the addition of benzimidazole derivatives inhibited both the cathodic
and anodic reactions. Thus, the inhibitor is said to be a mixed type. However, the shift in the Ecorr

values in the inhibited solution was towards the cathodic direction, i.e., negative with respect to the
uninhibited solution, revealing that while benzimidazole derivatives were predominantly cathodic,
overall they were a mixed-type inhibitor. It is interesting to note here that as the number of OCH3

groups increased, a larger reduction in the corrosion current density occurred. This is due to the
donation of an electron by the OCH3 group, which facilitates formation of stronger bonds between
benzimidazole derivative molecules and the J55 steel. Thus, the inhibition efficiency order was TMI >
DMI > MMI.

3.3. X-Ray Photoelectron Spectroscopy (XPS)

For the confirmation of TMI derivative adsorption on J55 steel, XPS analyses were performed and
elaborated. The XPS spectra obtained for TMI adsorbed on the J55 steel at a concentration of 400 mg/L
after 24 h immersion in a corrosive solution are shown in Figure 5a–d. Spectra of the XPS consist of the
following peaks; C 1s, N 1s, O 1s, and Fe 2p. All spectra are complex in nature, and in order to assign
the peaks of the corresponding adsorbed species, a deconvolution fitting procedure was used.

  

 
Figure 5. XPS spectra: (a) C 1s, (b) N 1s, (c) O 1s and (d) Fe 2p of the TMI inhibitor.

Three main peaks are in C 1s spectra. Appearance of first peak occurs at the binding energy of
284.79 eV and is attributed to the aromatic bonds between C–C, C=C, and C–H [51–53]. The appearance
of the second peak occurs at 286.21 eV and corresponds to the carbon atoms bonded to nitrogen in
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C–N and C=N bonds present in the imidazole ring [51–53]. The third peak appears at 288.87 eV and
represents the nitrogen bonded carbon atom of the imidazole ring, i.e., C=N+ [54], that results because
of protonation of the =N– atom in the imidazole ring and/or the imidazole ring nitrogen coordination
with the J55 steel. The N 1s XPS spectrum consists of one peak at 399.27 eV. The appearance of this
peak is due to the C–N and the unprotonated N atom (=N– structure) in the imidazole ring [55–57].

The spectrum of O 1s has three main peaks. The peak that appears at approximately 530.35 eV is
attributed to O2−, and it corresponds to the oxides of iron and oxygen, i.e., Fe2O3 and/or Fe3O4 [58].
The appearance of the second peak at a binding energy of 531.33 eV is because of OH− and is attributed
to the existence of the hydrous form of iron oxides, such as FeOOH [58]. Lastly, oxygen of adsorbed
water molecules appears as a third peak at 532.05 eV [57].

The Fe 2p spectrum for the J55 steel surface covered with TMI derivatives consists of two doublets,
one at 711.78 eV (Fe 2p3/2) and the second at 724.98 eV (Fe 2p1/2). The deconvolution of the high
resolution Fe 2p3/2 XPS spectrum consists of two peaks. The first peak at the binding energy of
709.4 eV is attributed to metallic iron, i.e., iron in the zero oxidation state [59,60]. The appearance of
the second peak at 711.78 eV is due to Fe3+ [61] and is attributable to the oxides of iron such as Fe2O3,
Fe2CO3, and FeOOH (i.e., oxyhydroxyde) [62,63]. The comparison between Fe 2p3/2 XPS results of
the TMI treated steel with that of untreated steel (as described previously) [64] shows that there is
a significant decrease in the amount of Fe0 that indicates an increment in the oxide layer thickness.
The formed oxide layer of FeOOH is insoluble and stable, which reduces the diffusion of metal ions
and thus enhances the corrosion-resistive property of J55 steel in an aggressive media.

3.4. Quantum Chemical Calculation

Calculation of Preferred Site for Protonation

In an aqueous medium, organic molecules can easily undergo protonation, and this protonated
form of the inhibitor takes part in the adsorption process. In the present case, the number of nitrogen
atoms in the imidazole ring with the most negative Mullikien charge is two (Table 5). Therefore,
there are protonated N2 and N5 nitrogen atoms. However, the most preferential nitrogen atom that
can undergo protonation was selected by calculating the proton affinity (PA) at both N2 and N5.
The equation used for calculating PA is given below:

PA = Eprot − (Eneutral + EH+) (10)

EH+ = EH3O+ − EH2O (11)

where the total energies of the protonated inhibitor forms and the neutral inhibitor forms are
represented by Eprot and Eneutral, respectively. EH2O is the water molecule total energy and EH3O+

is the hydronium ion total energy. The site having the most negative value of PA is selected as the
most preferable site for protonation. Thus, in this paper, the calculated value of PA for N5 was the
most negative and so it was selected as the preferential site for protonation (Table 5).

Table 5. Atomic charges on hetroatoms and proton affinity values. PA = proton affinity.

Inhibitors N2 N5

PA (kcal/mol)

N2 N5

TMI −0.495 −0.402 5.65 −30.75
DMI −0.492 −0.403 6.27 −30.12
MMI −0.490 −0.403 5.65 −29.34

3.5. Molecular Dynamic Simulations

Despite extensive research having been conducted in recent years, there is uncertainty regarding
the corrosion inhibition mechanisms of CO2 corrosion, and more critical investigations should be

264



Materials 2019, 12, 17

conducted. In this regard, MD simulations could be a good way to improve scientific knowledge in the
field. In the course of this study, we investigated the adsorption of neutral and protonated inhibitor
molecules on an iron surface in the presence of a simulated electrolyte with the aim of mimicking the
experimental conditions and assessing whether any relationship exists between the theoretical and
experimental results, and, if so, how significant the MD results are in explaining the inhibition process.
Simulations were run until the systems reached an equilibrium state, then, the interaction energies
were estimated by calculating the single point energies of all system constituents [65]. The obtained
equilibrium configurations of neutral and protonated forms of inhibitor molecules on the Fe (110)
surface in solution are shown in Figures 6 and 7. It can be observed from the results in Figures 6 and 7
that both forms of the inhibitor molecules are adsorbed on the iron surface in a parallel manner and
are near to the iron surface. Such situations can help to produce chemical interactions and thereby
increase the adsorption rate of tested inhibitors. The benzimidazole itself is a good corrosion inhibitor,
thus, with the addition of a methoxy group in the phenyl ring, the interactive forces and the affinity
toward the J55 steel of our compounds strongly increased, which lead to more interactions with the
steel surface [66].

 

Figure 6. Side and top views of the final adsorption of neutral forms of inhibitor molecules on the Fe
(110) surface in solution: (a) side view; (b) top view.

The interaction and binding energies (EBinding = −Einteraction) of the obtained inhibitor molecules
under equilibrium conditions for neutral and protonated forms can also be useful information to assess
the extent of adsorption of the three compounds. The results in Table 6 show higher energy values
that may explain the higher interaction between the inhibitor molecules and the steel surface and the
stability of formed films [67,68]. The energy values are slightly decreased in a protonated form that
can be explained mainly by the higher contribution of the physical interactions between protonated
inhibitor molecules and the positively charged metal surface. We can also note that the energy values
follow the same trend of the inhibition efficiency values, thus confirming the crucial role of the number
of methoxy groups as powerful electro donating groups in increasing the adsorption abilities of the
tested compounds.
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Figure 7. Side and top views of the final adsorption of the protonated forms of the inhibitor molecules
on the Fe (110) surface in solution: (a) side view; (b) top view.

Table 6. Selected energy parameters obtained from molecular dynamic (MD) simulations for adsorption
of inhibitors on the Fe (110) surface.

System

Neutral Form Protonated Form

Einteraction

(kJ/mol)
Einteraction

(kJ/mol)

Fe + TMI −564.09 −559.77
Fe + DMI −507.34 −497.19
Fe + MMI −453.67 −444.31

3.6. Radial Distribution Function (RDF)

RDF analysis provides further insights into the interactive force of an inhibitor molecule and
its affinity towards the iron surface [23]. Here, the total radial distribution function was calculated
for both inhibitor forms using MD simulation trajectories. Whether the interactions of an inhibitor
with iron atoms are meaningful can be judged by comparison of the first prominent peaks in the RDF
curves. If the peak occurs at 1 Å ~ 3.5 Å, it is an indication of a small bond length, which correlates to
chemisorption, while the physical interactions are associated with the peaks longer than 3.5 Å [69].
Figure 8 shows the RDF results of neutral and protonated forms. We can see that the first prominent
peak for both inhibitor forms is located at a distance smaller than 3.5 Å. From Figure 8, one can easily
observe that the first peak increased with the decreased inhibition efficiency of the tested compounds.
A further increase was observed in the protonated state of the inhibitor molecules. All the inhibitor
molecules in their neutral or protonated forms retained significant interaction with the iron surface.
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Figure 8. Radial Distribution Functions (RDFs) of neutral and protonated forms of the tested corrosion
inhibitors adsorbed on the Fe (110) surface in solution.

4. Conclusions

(1) The tested benzimidazole derivatives are good inhibitors in the aggressive media of 3.5% NaCl
solution saturated with carbon dioxide at 333 K.

(2) Experimental and theoretical investigations suggest that as the number of methoxy groups
increase so too does the corrosion protection ability of the inhibitors, and thus TMI is the
best inhibitor.

(3) The potentiodynamic polarization measurement supports the mixed mode of inhibitors with
predominantly cathodic effects.

(4) Langmuir adsorption is the preferred isotherm for all inhibitors.
(5) XPS micrographs support the benzimidazole derivative adsorption.
(6) The DFT study confirms that the imine nitrogen (N5) is the most preferred site for protonation.
(7) MD results support that TMI has a stronger adsorption ability than that of both DMI and MMI.
(8) Results of the RDF study confirmed that both the neutral and protonated form of the inhibitor

show significant interaction with the steel surface.
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Abstract: A novel lignin-based quaternary ammonium material (lignin-DMC) with excellent corrosion
resistant behavior was synthesized by grafting DMC (methacrylatoethyl trimethyl ammonium
chloride) onto kraft lignin. The structure and anti-corrosion performance of lignin-DMC was
investigated using many methods, for instance the scanning electron microscope (SEM), atomic
force microscopy (AFM), charge density analysis, molecular weight analysis, electrochemical
methods. Fourier-transform infrared spectroscopy (FT-IR) confirmed the formation of the lignin-DMC.
The experiment results indicated that maximum corrosion inhibition efficiency (87.65%) occurred
at a concentration of 75 mg/L via weight loss measurement. Polarization curves indicated that
lignin-DMC was a mixed-type inhibitor with an efficient anti-corrosion performance in an acid
medium. Electrochemical impedance spectroscopy (EIS) results indicated that lignin-DMC could
create a shielding effectiveness and achieve a protective effectiveness in the HCl solution. Moreover,
lignin-DMC displayed a physical and chemical adsorption process between 20 KJ/mol and 40 KJ/mol,
which followed the Langmuir adsorption isotherm model.

Keywords: kraft lignin; polymer; corrosion resistant; iron; acid inhibition

1. Introduction

During daily production, metallic materials usually react with the contacted medium (air, climate,
salt spray, solution, etc.), causing the metal products to suffer from various degrees of corrosion,
especially the carbon steel, it is a mild and commonly used material. In an aggressive acidic solution,
carbon steel will be destroyed, which leads to significant economic losses [1,2]. Many techniques,
such as the cathodic protection method and electroplates, coating processes, have been applied
to protect metal bases from corrosion [3–5]. Among all of these techniques, the inhibitors is one
of the most useful ways [6–12]. Corrosion inhibitors are a class of substances that can effectively
inhibit metal corrosion and protect metal materials by adding another small amount of material.
However, compared with other methods, the use of corrosion inhibitors has the following advantages:
First, it does not substantially change the corrosive environment, secondly, it does not substantially
increase equipment investment. Third, the corrosion inhibition effect is not affected by the shape
of the equipment and the same formulation can sometimes, at the same time, prevent corrosion of
various metals in different environments. [13–15]. In general, inhibitors contain N, O, S and other
heteroatoms that can be easily adsorbed onto the surface of iron and that then compete with the
corrosive ions to reduce the contact between the corrosive substances and active sites to attain the
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effect of corrosion inhibition [16–24]. Since the inhibitor is less costly and has strong applicability,
it is generally used in petroleum exploration, chemical cleaning, storage and the transportation of
metal products. With improvements in the awareness of environmental protection, new requirements
have also been put forward for the development and application of corrosion inhibitors. Researching
and developing biological inhibitors that do not pose a destructive effect on the environment is the
development direction of the future [25,26]. The corrosion inhibitors from natural plants and animals
have the advantages of nontoxicity, low pollution, and low cost [27–29]. Therefore, natural substance
could be seen as a promising source of corrosion inhibitor [30–32]. In the last few years, several
naturally occurring polymers have been used as anti-corrosion in a corrosive environment, including
starch, chitosan, cellulose, etc. [30,33–36]. Due to the existence of functional groups in natural polymers,
the iron surface can be protected from corrosion.

Lignin is a byproduct of the pulping process. It is a threat to the environment if not handled
properly. Lignin seems to have several current and potential applications in many fields [37,38],
however, the application as an anti-corrosion material was rarely reported. As corrosion inhibitors,
the main groups of lignin that are responsible in inhibiting corrosion are the hydroxyl, methyl and
carboxyl groups, which can adsorb onto iron or other metal surfaces to slow down the corrosion
rate [39]. However, due to the insolubility of lignin, the anti-corrosion behavior of lignin is always low.
Therefore, it needs to be modified by chemicals to improve its the water-solubility and to also make it
meet application requirements. In one study, acrylamide (AM) was grafted onto lignin to research
its anti-corrosion performance [35]. Its inhibition efficiency was found to be 77.10% at a 100 mg/L
concentration. In other study, Hussin and Rahim produced a successful inhibitor by 2-naphthol and
1,8-dihydroxyanthraquinone grafted with kraft lignin and the resulting efficiency was 60.77% when the
concentration was 100 mg/L [40]. However, little work has been conducted in studying the corrosion
inhibition of metal by lignin that has been chemically modified with methacrylatoethyl trimethyl
ammonium chloride (DMC).

In this paper, kraft lignin was copolymerized with a cationic monomer, DMC, to prepare the
lignin-DMC copolymer as a corrosion inhibitor. The inhabitation performance of the lignin-DMC
inhibitor was investigated in detail by the weight-loss method, electrochemical, SEM, AFM.

2. Materials and Experimental Method

2.1. Steel Specimen Preparation

The chemical composition of the iron-based materials was C 3.05%, Al 1.45%, Mg 0.39%, Si 0.49%,
and balance Fe. The specimens were first burnished using various grades of emery papers from #60 to
#500 and then washed, degreased with acetone and dried at room temperature.

2.2. Surface Analysis

The morphology of the iron-based materials specimen before and after adding corrosion inhibitor
into the HCl solution were measured via SEM (FEI NOVA NANO SEM 450, FEI company, Hillsboro,
OH, USA) and AFM (Multimode 8, Bruker, Santa Barbara, CA, USA). The iron-based materials of
5.0 cm × 2.0 cm × 1.0 mm were polished and immersed in 1.0 mol/L HCl solutions with and without
75 mg/L of the lignin-DMC inhibitor at 25 ◦C. Afterwards, the specimens were taken out of the solution
and rinsed with deionized water. The washed specimens were dried at 105 ◦C for 12 h.

2.3. Weight Loss Method

The weight loss of iron-based materials were evaluated after 2 h of immersion in 100 mL of 1 mol/L
HCl solutions with and without different concentrations of the lignin-DMC at room temperature.
The samples were taken out, washed, dried and accurately reweighed. The inhibition efficiency was
calculated according to Equation (1) [41]
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IE (%) =
(W0 −W′)

W0
× 100 (1)

The difference between W0 and W′ represents the weight loss of the specimen at various
concentrations of inhibitor. The corrosion rate (CR) can be calculated using Equation (2) [42]

CR (mg/(cm2·h)) =
ΔW
At

(2)

where ΔW is the weight loss, W0–W, mg; A is the exposed area of the specimen, cm2; and t is the
exposed time, h [43].

2.4. Electrochemical Method

For the electrochemical method, we started at a usual three-electrode cell. A platinum filament
was used as a counter electrode (PE), a saturated calomel electrode (SCE) was the reference electrode
(RE). The iron-based material was deemed as the working electrode (WE) with an uncovered area of
1.00 cm2. The electrochemical impedance spectroscopy (EIS) was investigated by using the IVIUM
electrochemical workstation (IviumTechnologies BV Co., Eindhoven, Noord-Brabant, Netherlands),
made in the Netherlands. The process used for the polarization method is similar to other articles.
At first, the work electrode was submerged in an HCl solution for 1 h to achieve a stable state to
determine the OCP (Open Circuit Potential) before measurement. The scanning electric potential was
± 250 mV (compared to open circuit potential) OCP (compared to SCE), and the scanning frequency
rate was 30 mV/s. All electrochemical parameters were obtained by Tafel lines. The IE (Inhibition
Efficiency) results were based on Equation (3).

IE (%) =
(i corr− i′corr)

icorr
× 100 (3)

where icorr and i’corr stand for the corrosion current densities absent and with an inhibitor, separately.
EIS was measured at OCP and a frequency range of 0.01–100 k Hz, the amplitude of the AC

(Alternating Current) signal was 10 mv. The date of the impedance data were found in the Nyquist
plots by calculating the difference in the values of the impedance at different frequencies [44]. Then,
the inhibition efficiency can be calculated by formula (4).

IE (%) =
(Rct –R′ct)

R′ct
× 100 (4)

where Rct and R’ct denote the charge transfer resistance values with and without different concentrations
of the inhibitor, respectively.

3. Results and Discussion

3.1. Surface Analysis

The synthesis and characterization of lignin-DMC was presented in supporting information.
The synthesis process was shown in Figures S1 and S2, briefly, 2.0 g of lignin were dissolved in water in
a 250 mL three-neck glass flask. DMC (lignin and DMC chloride molar ratio of 1:1.6) was added to the
solution and the pH of the medium was adjusted to 4–5. K2S2O8 (0.03 g) was then dissolved in 5 mL of
deionized water and added drop wisely to the suspension. Then, the polymerization was conducted at
80 ◦C for 3 h, after completion, the polymerization’s solution was further purified by precipitation with
200 mL of ethanol and centrifuging. The lignin-DMC polymer contains the characteristic absorption
peak of lignin and DMC, confirming that the lignin-DMC was successfully synthesized (Figure S3).
In Tables S1 and S2, the molecular weight of the lignin-DMC polymer was significantly higher than
that of kraft lignin, besides, the nitrogen contents of the lignin-DMC polymer were higher than that of
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kraft lignin, which were in accordance with the FT-IR analysis (Figure S3). Figure 1 presents the SEM
images of the samples with and without corrosion inhibitor by immersion in 1.0 mol/L HCl medium
for 2 h. Samples without a corrosion inhibitor showed a rough and uneven state (Figure 1a), indicating
that the iron was seriously corroded. However, the surfaces of the materials immersed in the HCl
medium containing lignin-DMC were relatively flat (Figure 1b), showing that the corrosion degree was
greatly reduced and that the lignin-DMC displayed a significant inhibitory effect in HCl. In addition,
micrographs of steel without HCl and Fe after submersion in the 100 mg/L lignin-DMC + 1.0 mol/L
HCl was shown in Figure S4.

Figure 1. SEM micrographs of the Fe after submersion in 1.0 mol/L (a) HCl and 75 mg/L lignin-based
quaternary ammonium material (lignin-DMC) + 1.0 mol/L HCl (b).

For research, the roughness of the material surface clearly, and the AFM tests of the samples
without and with the inhibitor by immersion in 1.0 mol/L HCl medium for 0.5 h were shown in Figure 2.
The sample without the inhibitor, the surface of Fe shows rough and inhomogeneity. The average
roughness (Ra) for the samples without a corrosion inhibitor is 81.9 nm. However, lignin-DMC
displayed that the surface was smooth. This roughness has been reduced to 44 nm with the inhibitor.
This result shows that the inhibitor plays a role in anticorrosion behavior.

Figure 2. Images of the Fe surface (a), Fe after submersion in 1.0 mol/L (b) HCl, 75 mg/L lignin-DMC +
1.0 mol/L HCl (c) and (d) the average roughness (Ra) of the Fe surface in (b,c).
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3.2. Weight Loss Experiment

The weight loss measurement, which is an easy and convenient method, was used first for initially
testing the anti-corrosion performance of the inhibitor. Table 1 shows the CR of iron in a 1.0 mol/L
HCl at 25 ◦C and the inhibition rate (ηIE) of different concentrations of the lignin-DMC inhibitor (c)
(weight loss test). For the blank solution, absent of the corrosion inhibitor, a large amount of H2 was
produced when the iron was exposed to the HCl, and the corrosion rate was as high as 2.65 mg/ (cm2·h).
However, the corrosion rate decreased immediately and showed a tendency of first decreasing and
then increasing after adding the lignin-DMC. When the concentration was 75 mg/L, the corrosion rate
was the lowest and decreased to 0.33 mg/(cm2·h). On the other hand, the corrosion inhibition rate
expressed the opposite trend. At 75 mg/L, the corrosion inhibition rate was the highest at 87.65% and
at 50 mg/L was the lowest at 70.39%. These results exhibited that the lignin-DMC can be an efficient
inhibitor in an HCl medium.

Table 1. Corrosion parameters and IE (Inhibition Efficiency) obtained from weight loss of iron-based
materials in a 1.0 mol/L HCl at different concentrations of lignin-DMC at 25 ◦C.

Concentration (ppm) CR (mg /(cm2·h)) IE (%)

0 2.65 0.00
50 0.80 69.81%
75 0.33 87.54%
100 0.37 86.04%
125 0.71 73.21%

3.3. Electrochemical Measurements

3.3.1. Open Circuit Potential

Figure 3 shows the OCP immersion time (t) at 25 ◦C for iron in HCl with and without various
conventions of lignin-DMC. It can be seen that the open circuit potential gradually increases over time
and gradually stabilizes. A blank HCl solution without a corrosion inhibitor began to reach a relatively
stable state at 1000 s. However, the HCl solution containing 75 mg /L lignin-DMC reached a final
equilibrium state at after 2000 s. The potential polarization curves and electrochemical impedance
spectroscopy (EIS) test achieved a stable state after an immersion time of 1 h.

Figure 3. OCP-time curves for iron with and without lignin-DMC at 25 ◦C.

3.3.2. Polarization Studies

The IVIUM electrochemical workstation was used to determine the polarization curves at several
different concentration of lignin-DMC. In the Tafel curves, the vertical axis is the logarithm of the
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corrosion current density and the horizontal axis is the corrosion potential. The results are shown in
Figure 4. The polarization curves generated by the electrochemical parameters values, including the
corrosion current density (Icorr), corrosion potential (Ecorr), the anodic Tafel slope (ba), the cathodic
Tafel slope (bc), and the inhibit efficiency in 1.0 mol/L of HCl with and without various concentrations
of lignin-DMC are presented in Table 2. The data in Table 2 indicates that at a concentration of 75 mg/L
lignin-DMC the corrosion current density was at its relative lowest, which is a satisfactory agreement
with the weight loss measurement. The addition of the inhibitor molecules at different concentrations
did not cause a significant change in the cathode and anode curves, and the polarization curves at each
concentration were substantially parallel to the Tafel curve of the blank solution. It indicates that the
addition of the compound does not change the metal anode dissolution and the cathode hydrogen
evolution reaction. The corrosion inhibition mechanism only inhibits the active point of the reaction by
forming a protective film on the surface of the carbon steel. With various concentrations of the inhibitor,
the Tafel slope of the anode of the polarization curve increased from 94 mV to 154 mV, and the Tafel
slope of the cathode increased from 114 mV to 185 mV, indicating that a certain inhibitory effect of the
corrosion inhibitor occurred on the iron of the anode and cathode reactions, but the cathode Tafel slope
increased more rapidly than the anode Tafel slope did, further proving that the lignin-DMC belongs to
an inhibition mixed-type inhibitor. The displacement in the Ecorr value is less than 85 mV, which is
also evidence for the lignin-DMC acting as a mixed type inhibitor [32].

 

Figure 4. Polarization curves in a 1.0 mol/L HCl solution containing various inhibitor concentrations at
25 ◦C.

Table 2. Different electrochemical parameters of iron sheet in 1.0 mol/L HCl solutions at various
lignin-DMC concentrations.

C (mg/L) Ecorr (mV/SCE) icorr (uA/cm2) ba (mV) bc (mV) IE (%)

0 −461.80 891 154 185 0.00
50 −427.60 246 164 148 72.39%
75 −460.30 45 94 114 94.95%
100 −508.40 78 104 125 91.25%
125 −488.30 231 122 147 74.07%

3.3.3. EIS Studies

Electrochemical impedance spectroscopic (EIS) method allows for the assessment of the
performance of adsorbed inhibitor film against the corrosion kinetics [21]. Electrochemical impedance
spectroscopy can quickly evaluate the corrosion resistance and obtain the electrochemical information of
the metal under the film that was formed by lignin-DMC adsorption on the surface of iron. High-frequency
is corresponding to the layer information and the high-frequency capacitive reactance further responses
to the dielectric properties and shielding performance of the film layer. A low-frequency end can give
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information on the metal/solution interface reaction, and the size of the low-frequency capacitance
represents the metal charge transfer resistance during corrosion. The Nyquist and Bode diagrams in
the HCl and solutions contained in the lignin-DMC are shown in Figure 5. The impedance spectrum
is mainly composed of a single high-frequency end-capacity arc, which is characterized by only
one time constant. The single capacitive reactance arc change indicates that the electrode surface
corrosion process is mainly controlled by the charge transfer step. The semicircle size increased after
adding the inhibitors, which was due to the charge transfer [45]. With an increase in the lignin-DMC
concentration, the size increased [46,47]. Increase in Rct values with composite concentration within
the acid electrolyte is consistent with the formation of polymer film on the metal surface due to charge
transfer action. At a concentration of 75 mg/L, the semicircles size showed their largest value.

 
Figure 5. (a) Nyquist plots, (b) bode plots and phase angle plots (c) of steel in an HCl solution containing
different inhibitor concentrations.

The interface layer between the electrode and the solution, also known as the electric double layer,
is generally represented by an equivalent capacitance. The equivalent circuit shown in Figure 6 was
used to simulate the impedance data with the values shown in Table 3, where Rs acts as the charge
solution resistance. The blank solution and 50 mg/L fitted (1), and the rest fitted (2). Rc acts as the
film resistance. In addition, Rct represents the charge transfer resistance, Cc is the film capacitance of
the double layer, and Cdl are the electric double layer capacitors. At a high frequency the membrane
resistance became larger and the membrane capacitance decreased, indicating that after the addition
of the lignin-DMC in the HCl solution the lignin-DMC molecules removed the water molecules,
which were originally adsorbed onto the iron-based material, thereby creating a shielding effectiveness
and arrived at a protective effectiveness. As the radius of the capacitive arc of the low frequency
increased, the charge transfer value Rct became larger, and the charge transfer capacitance decreased.
The increase in Rct was due to the considerable surface coverage by the inhibitor molecules on the
metal surface through bonding. The decrease in Cdl can be explained by a decrease in the local
dielectric constant and/or an increase in the thickness of the electrical double layer, which indicates the
adsorption of the inhibitor [48]. Hence, the lignin-DMC had an excellent inhibitory effectiveness on
the iron corrosion in acidic media.

Figure 6. The electrical equivalent circuit of the capacitive loop for electrochemical impedance
spectroscopy (EIS) without inhibitor (a) and the electrical equivalent circuit in different concentration
of inhibitors at 25 ◦C (b).
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Table 3. Fitted EIS results of iron corroding in 1 mol/L HCl solutions at different lignin-DMC.

Concentration(mg/L) Rs(ohm) Cc(uF) Rc(ohm) Rct(ohm) Cdl(uF) IE(%)

0 5.729 – – 29.60 254.60 –
50 4.701 – – 59.74 240.60 50.45%
75 5.508 91.19 178.90 227.00 34.09 86.96%
100 4.760 180.70 96.97 101.00 45.91 70.69%
125 4.780 231.90 50.32 74.24 42.70 60.12%

3.4. Effect of Temperature

Adsorption thermodynamics and adsorption kinetics are effective research methods for determining
the corrosion inhibitor adsorption behavior. To attain a better performance of the lignin-DMC of
adsorption and activation processes, the effect of the temperature was studied. By studying the
adsorption isotherm model and the corresponding formula, the corresponding adsorption parameters,
such as the adsorption equilibrium constant and adsorption free energy, can be calculated to investigate
the adsorption mechanism of this corrosion inhibitor. The values of the surface coverage (θ) are defined
and calculated as IE/100 from the weight loss measurements using the following equation [41]: Several
isothermal adsorption methods were matched by the experimental results, following the Langmuir
adsorption isotherm model. The adsorption isotherm is as follows and the plot is shown in Figure 7.

C
θ
=

1
K

+ C (5)

θ represents the surface coverage. K is the equilibrium constant and C is the concentration of the
inhibitor, mg/ L.

The inhibitor molecules gradually adsorb onto the metal surface by changing the adsorbed water
molecules. The free energy of the adsorption ΔG was calculated based on Equation (6):

K =
1

55.5
exp (

−ΔG
RT

) (6)

where ΔG is the free energy of adsorption, K is the adsorption–desorption equilibrium constant, R is
the universal gas constant, and T is absolute temperature in Kelvin, K.

 

Figure 7. Langmuir adsorption model of iron in 1 mol/L HCl solution at room temperature.

The Langmuir isotherm adsorption model of lignin-DMC in 1 mol/L HCl at 25 ◦C is shown in
Figure 7. The values of ΔG were −27.51 kJ/mol, −28.42 kJ/mol and −29.33 kJ/mol at temperatures of 25,
35 and 45 ◦C, respectively, with the inhibitor at 75 mg/L. Negative values indicate that the adsorption
was spontaneous. If the absolute value of G is approximately 20 kJ/mol, the adsorption mode then
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belongs to the physical adsorption. Additionally, the adsorption mode follows chemical adsorption if
the absolute value of ΔG is approximately 40 KJ/mol. Physical adsorption and chemical adsorption
(mixed adsorption) would occur if the values are between 20 to 40 kJ/mol [6]. Hence, the adsorption
mode of lignin-DMC was physical adsorption and chemical adsorption.

The relationship between the temperature and corrosion rate is expressed by the following
equation and its alternative formulation, called the transition state equation, was applied to determine
the activation entropy (ΔS) and activation enthalpy (ΔH)

ln(CR) = A exp
−Ea

RT
(7)

The transition state equation is as follows:

CR =
RT
Nh

exp
ΔS
R

exp
−ΔH
RT

(8)

where CR is the corrosion rate, A is the Arrhenius pre-exponential constant, R is the universal gas
constant (8.314 J/mol/K), and h is Plank’s constant (6.63 ×1034 J·s) [48].

The plot of CR/T vs 1/T is expressed in Figure 8, and the values of the activation enthalpy (ΔH)
and the activation entropy (ΔS) were obtained by the following equation:

ΔH = −slope × R and ΔS = (intercept − ln
[ R
Nh

]
)·R (9)

Figure 8. Arrhenius plots of the corrosion rate (CR/T) in an HCl solution in the absence and presence
of Lignin-DMC.

The values of ΔH were 69.29 KJ/mol, 82.93 KJ/mol and 112.4 KJ/mol at different concentrations,
which indicated it was an endothermic process. The values of ΔS were 146.5 KJ/mol 182.1 KJ/mol and
273.5 KJ/mol, respectively. The value increased (more positive) in the presence of the lignin-DMC
compared to the blank solution, which illustrated that the system passes from a less orderly to a
more random arrangement [49]. The results may be explained by the adsorption of organic inhibitor
molecules and considered to be a quasi-substitution process between the organic inhibitor molecules in
the aqueous phase and the water molecules on the surface of low carbon steel. The adsorption process
of the inhibitors was the displacement reaction of the adsorption water molecules removed from the
metal surface [50].

Org(sol) + nH2O (ads)→ Org(ads)+ nH2O (10)

281



Materials 2019, 12, 1776

Org(sol) and Org(ads) are organic molecules that are dissolved in the solution and adsorbed onto the
iron surfaces. H2O (ads) are the water molecules on the metal’s surface, where n is the factor that
indicates the substitution of the water molecules by the inhibitor units [39].

3.5. Mechanism of the Corrosion Inhibitor

Lignin-DMC is composed of polar groups consisting mainly of N and O atoms with higher
electronegativity and nonpolar groups consisting of C and H non-polar atoms, which can be adsorbed
onto the steel surface to change electric double layer structure of the metal and improve the activation
energy of the metal ionization process. Nonpolar groups move away from the metal surface to form a
layer of hydrophobic film, impeding the transfer of charges and substances and thus greatly reducing
the metal corrosion rate. The mechanism of the corrosion inhibitor is shown in Figure 9. In HCl
solutions, the unshared electron pair at the central atom of the organic corrosion inhibitor formed
an onium ion with a hydrogen ion in HCl solutions. Under the effect of the electrostatic attraction,
the onium iron was adsorbed onto the cathode region of the metal surface (Cl−), making the metal
surface seem positive. The onium irons then began to compete with H+ [16], so the H+ ions in the
acid solution have difficultly moving close to the metal, which greatly slows down the corrosion rate.
Another adsorption mode was chemisorption. In this adsorption, the central atoms of the polar group
of the organic corrosion inhibitor molecules, N and O, have unshared electron pairs. When the metal
has an empty orbit, the lone pair of electrons at the central atoms of the polar groups may combine
with the empty orbitals to form coordination bonds, so the lignin-DMC are adsorbed onto the steel
surface to slow down the corrosion rate.

Figure 9. Schematic representation of lignin-DMC with the metal surface in 1 mol/L HCl.

4. Conclusions

Cationic lignin-based polymer (Lignin-DMC) was synthesized by copolymizing DMC with
kraft lignin. The prepared lignin-DMC was an effective corrosion inhibitor in the 1 mol/L HCl
solution. The corrosion inhibition effect was best at 75 mg/L at room temperature, reaching a state at
87.65%. Meanwhile, the results revealed that the proper dosage may be used as an inhibitor. However,
a superfluous dosage had a negative effect on the anticorrosion performance. Additionally, the corrosion
inhibitor-lignin-DMC was a mixed corrosion inhibitor. The adsorption mode of lignin-DMC was the
Langmuir adsorption isotherm. The mechanism of adsorption was found to be a physical and chemical
model in nature. The adsorption model indicated that the corrosion inhibitor was an adsorption type
corrosion inhibitor
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HCl (b), 1.0 mol/L HCl with the addition of 75 mg/L lignin-DMC (c), and (d) Fe immersed in 1.0 mol/L HCl
+ 100 mg/L Lignin-DMC solutions, Table S1. Molecular weight and charge density of lignin, and lignin-DMC
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Abstract: Fifty nanometers of Al2O3 and TiO2 nanolaminate thin films deposited by atomic layer
deposition (ALD) were investigated for protection of copper in 0.1 M NaCl using electrochemical
techniques. Coated samples showed increases in polarization resistance over uncoated copper, up to
12 MΩ-cm2

, as measured by impedance spectroscopy. Over a 72-h immersion period, impedance of
the titania-heavy films was found to be the most stable, as the alumina films experienced degradation
after less than 24 h, regardless of the presence of dissolved oxygen. A film comprised of alternating
Al2O3 and TiO2 layers of 5 nm each (referenced as ATx5), was determined to be the best corrosion
barrier of the films tested based on impedance spectroscopy measurements over 72 h and equivalent
circuit modeling. Dissolved oxygen had a minimal effect on ALD film stability, and increasing
the deposition temperature from 150 ◦C to 250 ◦C, although useful for increasing film quality,
was found to be counterproductive for long-term corrosion protection. Implications of ALD film
aging and copper-based surface film formation during immersion and testing are also discussed
briefly. The results presented here demonstrate the potential for ultra-thin corrosion barrier coatings,
especially for high aspect ratios and component interiors, for which ALD is uniquely suited.

Keywords: atomic layer deposition; corrosion protection; copper; aluminum oxide; titanium oxide;
nanolaminate; electrochemical impedance spectroscopy; barrier coatings

1. Introduction

Copper is ubiquitous in numerous industries due to its relatively low cost coupled with
its malleability and high electrical and thermal conductivities. It has uses in everything from
residential and commercial plumbing [1–4] and electrical wiring to industrial heat exchangers [5–7]
and high-powered electronics [8–11]. Copper possesses adequate aqueous corrosion resistance due to
the formation of a semi-protective native oxide film. Still, it corrodes at a finite rate and is susceptible
to pitting dependent on solution constituents, pH, and temperature [2–4,12–16].

One specific application of interest here is the use of copper in radio frequency (RF) devices
(i.e., traveling-wave tubes and crossed-field amplifiers). These devices typically contain fluid-cooled
copper collectors and/or copper cooling channels [17–24]. Often, the cooling fluid is specified as
deionized (DI) water with low dissolved oxygen content, in which case corrosion of the wetted
copper components is insignificant within the useful lifetime of the device. However, the presence of
contaminants—such as chlorides, additional oxygen, and carbon dioxide—in the cooling water supply
can accelerate the corrosion to unacceptable levels. Chlorides are known to be particularly aggressive
toward copper [12,14,25], as with many other metals, and are common contaminants in water supplies.
Copper readily forms salt compounds in the presence of chlorides and can have its protective oxide
film locally disrupted, allowing for pitting to occur.
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The corrosion of copper in chloride media has been thoroughly studied [13–15,26–30], from which
it has been concluded that the anodic and cathodic half reactions are given by Equations (1) and (2),
respectively. The anodic reaction proceeds in two steps with the mostly insoluble CuCl produced in
the first step and soluble CuCl2− produced in the second. CuCl builds up as a film on the Cu surface,
leading to passivation, or, more appropriately, pseudo-passivation. Higher chloride concentrations
tend to shift the equilibrium of Equation (1) toward CuCl2− and can even produce higher chloride
complexes (i.e., CuCl32− and CuCl43−) [27,31]. This increases dissolution of the CuCl surface film and
accounts for the more aggressive corrosion seen in solutions with higher chloride content. Additionally,
cuprous oxide (Cu2O) may be produced from CuCl2−, but its stability also decreases as the chloride
content increases [31].

Oxygen reduction and water reduction (Equation (2)) dominate the cathodic current, though
there are complications in the presence of copper corrosion products and surface films [31], including
the reduction of CuCl on the copper surface [30]. Water reduction dominates when dissolved oxygen
levels are low, whereas oxygen reduction produces high cathodic currents in oxygenated solutions [32].
Although the corrosion of copper in pure water via water reduction and hydrogen evolution in the
absence of oxygen is still under debate [33–37], it is reasonable to expect that this reaction could play a
role in the presence of chlorides and at sufficient overpotential.

Cu + Cl− → CuCl + e−

CuCl + Cl− → CuCl−2
(1)

O2 + 2H2O + 4e− → 4OH−

2H2O + 2e− → H2 + 2OH− (2)

A common approach to improve the corrosion resistance of copper is to alloy it with other metals,
such as aluminum and nickel. However, alloying is not always an option, as it can significantly reduce
the electrical (and thermal) conductivity [38]. Another option is the application of barrier coatings to
the copper surface. To preserve the desirable bulk properties of the copper, the barrier coatings should
be as thin as possible. Additionally, copper components of RF devices are often of complex geometry
or high aspect ratio, which narrows the available thin film deposition techniques.

Atomic layer deposition (ALD) is a vapor-phase technique that is uniquely suited for deposition
of conformal thin films over complex, non-planar surfaces and through high-aspect-ratio structures,
like tubing. ALD has no line of sight requirement with sub-nanometer thickness control [39–43]. ALD
can also proceed at low temperatures (<150 ◦C) [44,45], avoiding temperature limits of fabricated
components and even enabling deposition on thermally-sensitive substrates, such as polymers [46–50]
and microelectronics [51,52].

Alumina (Al2O3) and titania (TiO2) are two of the most widely-studied ALD processes. Deposition
of alumina via trimethylaluminum (TMA, Al(CH3)3) and H2O is thermodynamically favorable and
nucleates well on most surfaces [39,40,50,53]. Al2O3 has excellent sealing properties and has shown
outstanding versatility as a barrier layer on metals [54–58], polymers [48,59–62], and electronics [63–67].
However, the use of Al2O3 as a corrosion barrier is limited by its chemical stability and dissolution in
alkaline media [68,69]. On the other hand, titania is lauded for its chemical stability [68,70–72] and
has shown favorable corrosion resistance [73–78]. Titania ALD, however, exhibits film nucleation
issues using titanium tetrachloride (TiCl4) as a precursor, especially on copper substrates, and tends
to deposit with high roughness, leading to increased porosity and poor corrosion performance over
time [73,75,79].

Previous studies of ALD films for corrosion protection of copper have mostly focused on
aluminum oxide. Mirhashemihaghighi et al. [80] reported a 7x increase in polarization resistance over
uncoated, polished copper with a 10 nm ALD Al2O3 film and a three order of magnitude increase with a
50 nm Al2O3 film in deoxygenated 0.5 M NaCl. Chai et al. [81,82] found better corrosion protection with
increasing alumina film thickness in aerated 0.1 M NaCl, as did Daubert et al. [79]. Daubert et al. [79]
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also performed electrochemical impedance spectroscopy (EIS) over 90 h for 5 different metal oxide
ALD films, showing a decrease in high-frequency impedance for the Al2O3 film and better stability
for the other four. A study by Abdulagatov et al. utilized an alumina base layer and titania capping
layer to overcome the limitations of the individual layers, resulting in significantly improved corrosion
protection of copper over 900 h in water at 25◦ and 90 ◦C [73]. Although not specifically related to
aqueous corrosion, it is worth noting that Chang et al. successfully applied 100 nm thick ALD alumina
films to copper for protection against oxidation in air at 200 ◦C [54]. Whereas ALD alumina possesses
excellent sealing properties and can provide adequate initial corrosion protection with films less
than 50 nm thick, its longer-term stability on copper is in question. Preliminary results of combining
alumina and titania prove promising as a corrosion barrier, and further investigation into nanolaminate
alumina/titania film structures is warranted. Reports of Al2O3/TiO2 nanolaminated ALD thin films
for corrosion protection of steel are available [75,83,84], showing increased corrosion and delamination
resistance over single-layer films.

Here we investigate the corrosion behavior of ALD-coated copper and use Al2O3/TiO2

nanolaminate films to enhance corrosion protection over the single-layer materials. The effect of
dissolved oxygen on the corrosion protection of these ALD thin films has previously not been reported.
Oxygen is always present in some amount, even when low oxygen levels are maintained in contact
with the copper surfaces. Determining its impact on the protective performance of ALD films is
essential for their use in RF devices and other copper-containing components. Also of interest is
the effect of ALD film layer structure, copper-based interfacial films, and deposition temperature
on the corrosion behavior of ALD alumina- and titania-coated copper. In this work, we utilize DC
voltammetry and electrochemical impedance spectroscopy (EIS) to investigate corrosion behavior and
probe the stability of Al2O3/TiO2 ALD films on copper in a sodium chloride (NaCl) solution with and
without dissolved oxygen.

2. Materials and Methods

2.1. Material Preparation

2.1.1. Substrate Preparation

Grade 110 copper sheets (99.9%, McMaster-Carr, Douglasville, GA, USA) were cut into
15 mm × 25 mm × 1 mm coupons. Coupons had a No. 8 mirror finish with average surface roughness
of 0.1–0.3 μm. Prior to loading into the ALD reactor, all coupons were ultrasonically rinsed in acetone
for 5 min, rinsed with isopropanol and DI water, then dipped in 35% H3PO4 for 30 s to reduce the native
copper oxide, and finally rinsed in DI water and dried thoroughly with ultra-high-purity nitrogen.

2.1.2. Thin Film Deposition and Characterization

Films were deposited in a home-built, viscous-flow, hot-wall ALD reactor using ultra-high-purity
nitrogen (N2—99.999%, Arc3 Gases, Richmond, VA, USA) as the carrier and purge gas. Nitrogen
was constantly flowing during deposition, maintaining a reactor pressure of roughly 1 torr. Alumina
(Al2O3) was deposited using trimethylaluminum (TMA, 98% Strem Chemicals, Newburyport, MA,
USA), and titania (TiO2) was deposited using titanium tetrachloride (TiCl4, 99% Strem Chemicals,
Newburyport, MA, USA). DI water served as the co-reactant for both precursors. Each ALD cycle
consisted of a 0.1 s precursor (TMA or TiCl4) dose followed by a 45 second N2 purge and a 0.1 s H2O
dose followed by a 45 s N2 purge. Unless otherwise specified, Al2O3 and TiO2 were deposited at
150 ◦C with nominal growth rates of 1.25 Å/cycle and 0.45 Å/cycle, respectively, measured using
spectroscopic ellipsometry (J.A. Wollam Co., Lincoln, NE, USA) on the copper coupons and on silicon
monitor wafers coated simultaneously with the copper coupons. A Keyence VKx1100 confocal laser
scanning microscope (Itasca, IL, USA) equipped with a 404 nm violet laser was used for imaging, and
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energy dispersive X-ray spectroscopy (EDX) was performed using a JEOL 6010LA scanning electron
microscope (Peabody, MA, USA, results not shown).

2.2. Electrochemistry

Coated and uncoated copper coupons were placed in a 3-electrode corrosion cell (Princeton
Applied Research, model K0235, Oak Ridge, TN, USA) with a platinum mesh counter electrode,
a double junction Ag/AgCl reference electrode filled with 3.8 M KCl (F-600, Broadley-James, Irvine,
CA, USA), and a 1 cm2 nominal working electrode area. All potentials given are measured against
this Ag/AgCl reference. Measurements were performed at room temperature in neutral 0.1 M NaCl
solution, prepared with crystalline sodium chloride (Reagent grade, Fisher Scientific, Hampton, NH,
USA) and DI water, using a BioLogic VMP3 potentiostat (Seyssinet-Pariset, France). Approximately
200 mL of electrolyte was used for each test with an average initial pH of 6.7 ± 0.3. For experiments
where deoxygenation was performed, nitrogen was bubbled through the electrolyte for at least 15 min
prior to and continuously during testing. The nitrogen was passed through a gas washing bottle of
0.1 M NaCl to pre-saturate the dry gas before its introduction into the test cell. ‘Oxygenated’ here
refers to cases in which no nitrogen purging of the electrolyte was performed.

All samples are cathodically polarized at −1.5 V for 2.5 min upon immersion in the electrolyte
and prior to testing to reduce ambient or aqueously formed surface films, and all electrochemical
measurements were performed at least twice to ensure repeatability.

2.2.1. Electrochemical Impedance Spectroscopy

Before impedance testing, the open circuit potential was typically measured for 2 h to ensure the
cell was at equilibrium, after which impedance measurements were collected at the open circuit
potential over a frequency range of 100 kHz to 5 mHz at 10 frequencies per decade with two
measurements per frequency and a 10 mV rms perturbation signal. Fitting impedance spectra to
equivalent circuits was performed using the EC-Lab software (BioLogic, Seyssinet-Pariset, France),
and all fits produced a relative error of less than 5%.

The equivalent electrical circuits used to fit impedance spectra are displayed in Figure 1 and are
often used to model impedance data for inert coatings on metals [76,77,79,85]. The model assumes
that corrosion occurs at the base of coating defects or pores, where electrolyte encounters the substrate.
In this simplified model, there are parallel current paths: one through the intact coating, which is
a dielectric, and the other through pores in the coating structure, represented by the film (or pore)
resistance. This resistance may be viewed as the sum of the resistance of individual pores filled with
electrolyte. The path through coating pores results in the substrate in contact with electrolyte, and
the interfacial impedance consists of a parallel R-C circuit, where the resistance (Rint) is typically the
polarization or charge transfer resistance, and the capacitance is often the double layer capacitance.
Capacitors have been replaced with constant phase elements (CPEs) to account for the frequency
dispersion of the capacitance encountered in electrode-electrolyte systems [86–88]. The typical
expression for the impedance of a CPE is given by [87,88]:

ZCPE =
1

Q(jω)α , (3)

where ZCPE is the impedance of the constant phase element [Ω cm2], Q is the CPE coefficient
[Ω−1 cm−2 sα], j is the imaginary unit [j =

√−1], ω is the angular frequency [rad/s], and α is the CPE
exponent [unitless].
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Figure 1. Equivalent electrical circuit used to fit impedance spectra measured in (a) deoxygenated and
(b) oxygenated electrolyte. Rs is the solution (electrolyte) resistance, Rf is the film (or pore) resistance,
CPEf is the constant phase element representing film capacitance, CPEint is the constant phase element
representing interfacial capacitance (metal-solution interface), Rint is the interfacial resistance, and Wint

is the interfacial Warburg diffusion element.

2.2.2. DC Voltammetry

Cyclic voltammetry was performed immediately following the reduction step (−1.5 V, 2.5 min)
with potential scanned from −1.5 V to 0.8 V and back to −1.5 V at 10 mV/s. Additional polarization
curves were measured from −1 V to 0.8 V and back to −1 V with a scan rate of 0.5 mV/s after the
2.5-min cathodic reduction with a 30-min rest period at open circuit.

Polarization resistance is determined as the slope of the V-I curve at ± 10 mV from the corrosion
potential, and corrosion current is estimated using [89]:

dη

dI

∣∣∣∣
η→0

= Rp =
βaβc

2.3Icorr(βa + βc)
, (4)

where η is the overpotential [V], I is the current [A cm−2], Rp is the polarization resistance [Ω cm2],
Icorr is the corrosion current [A cm−2], and βa and βc are the anodic and cathodic Tafel coefficients
[V/decade], respectively.

3. Results and Discussion

3.1. Spectroscopic Ellipsometry

Al2O3 and TiO2 ALD film thicknesses were measured using spectroscopic ellipsometry (SE) on
polished copper coupons as well as silicon wafers coated simultaneously with the copper. The five
coatings tested here are detailed in Table 1, along with their naming conventions and film thicknesses.
Note that for all nanolaminate films (ATx1, ATx5, and ATx10), the alumina layer is deposited first
(adjacent to the substrate), followed by titania. Thicknesses presented on copper were measured by
spectroscopic ellipsometry (SE) after deposition and were averaged over six coupons coated together.
Film thicknesses measured on copper are approximate based on a finite surface roughness and
limitations in modeling of SE data, though they mostly agree with thicknesses measured on the silicon
wafers. Increases in thickness above those measured on silicon may be indicative of a slightly higher
growth rate for the TiCl4-H2O ALD process on copper or increased growth based on the proximity of
the coupons to each other. The relative ratio of titania to alumina in the nanolaminate films is apparent
in the refractive index, which was calculated from films grown on silicon. Despite differences in the
number of layers, ATx10 and ATx5 have nearly identical refractive indices, confirming similar titania
to alumina ratios.
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Table 1. Samples tested in this work—naming convention, film type, and ellipsometric data. The Si
Thickness and Cu Thickness columns indicate fitted film thicknesses on the respective substrates
using spectroscopic ellipsometry. Refractive indices are determined from film measurements on
silicon substrates.

Sample
Name

Nominal Film Structure
Si Thickness

(nm)
Cu Thickness

(nm)
Refractive

Index

Cu None—uncoated copper - - -
Al2O3 Single-layer Al2O3 52.9 ± 0.6 49.1 ± 0.7 1.64
TiO2 Single-layer TiO2 54.0 ± 1.6 63.8 ± 2.8 2.43

ATx10 Nanolaminate—(Al2O3 + TiO2) × 10 56.0 ± 0.6 65.8 ± 2.5 2.1
ATx5 Nanolaminate—(Al2O3 + TiO2) × 5 52.5 ± 0.8 56.6 ± 1.9 2.12
ATx1 Double layer—10 nm Al2O3 + 40 nm TiO2 52.6 ± 0.9 60.9 ± 1.1 2.33

3.2. DC Voltammetry

ALD films were first investigated using DC voltammetry techniques. Figures 2 and 3 present
cyclic polarization curves measured in deoxygenated and oxygenated 0.1 M NaCl, respectively, after a
30-min rest period at open circuit following cathodic polarization. Relevant parameters determined
from these curves may be found in Table 2. Coated and uncoated copper in Figures 2 and 3 display
similarly shaped polarization curves, suggesting analogous corrosion mechanisms consistent with
electrochemically inert films. Moreover, both curves exhibit behavior that is typical of unalloyed
copper in chloride media [26]. The anodic behavior includes: (i) an apparent Tafel region at low
overpotentials, where Equation (1) accounts for most of the measured current; (ii) a peak current and
a current reduction region, where CuCl (and possibly Cu2O or Cu(OH)2) builds up on the surface;
(iii) a limited current, or passive, region where the formation and dissolution of surface films are
somewhat at equilibrium; and (iv) a higher potential region where dissolution increases and oxidation
of CuCl2− to form Cu++ becomes significant.

 
Figure 2. DC polarization curves: (a) forward scan [−1, 0.8] V and (b) reverse scan [0.8, −1] V measured
at a scan rate of 0.5 mV/s in deoxygenated 0.1 M NaCl. Solid arrows specify scan direction and dashed
arrows indicate features of interest. Refer to Table 1 for sample descriptions.
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Figure 3. DC polarization curves: (a) forward scan [−1, 0.8] V and (b) reverse scan [0.8, −1] V measured
at a scan rate of 0.5 mV/s in oxygenated 0.1 M NaCl. Solid arrows specify scan direction and dashed
arrows indicate features of interest. Refer to Table 1 for sample descriptions.

Table 2. Corrosion potential (Ecorr), polarization resistance (Rp), and corrosion current (Icorr)
determined from polarization curves found in deoxygenated (Figure 2) and oxygenated (Figure 3)
0.1 M NaCl.

Sample

Deoxygenated Oxygenated

Ecorr (V vs.
Ag/AgCl)

Rp (Ω cm2)

× 106
Icorr (A cm−2)

× 10−7
Ecorr (V vs.
Ag/AgCl)

Rp (Ω cm2)

× 106
Icorr (A cm−2)

× 10−7

Cu −0.347 0.191 1.51 −0.355 0.066 3.77
Al2O3 −0.395 1.67 0.179 −0.314 0.204 1.07
TiO2 −0.314 0.373 0.915 −0.379 0.193 0.992
ATx1 −0.328 3.37 0.103 −0.318 0.948 0.167
ATx5 −0.350 2.60 0.115 −0.349 0.596 0.340
ATx10 −0.444 1.85 0.197 −0.325 0.167 1.09

3.2.1. Deoxygenated Electrolyte

TiO2 and ATx1 exhibit an anodic shift in corrosion potential from the uncoated copper. This has
been attributed to modification of the substrate exposed through coating defects [55], as well as native
oxide formation during ALD growth and aging of the oxide during storage [80]. The remaining
corrosion potentials are shifted cathodically, a trend that has also been reported for ALD coatings on
stainless steel [75,84], copper [79], and a Mg-Al alloy [83]. All coated coupons show an increase in
polarization resistance and decrease in corrosion current compared to uncoated copper. Polarization
resistance is better than an order of magnitude higher for the nanolaminate Al2O3/TiO2 films.

The current peak associated with CuCl film buildup is apparent in Figure 4a, measured with a
voltage scan rate of 10 mV/s. This suggests that the kinetics of the reaction leading to the precipitation
of CuCl (Equation (1)) are faster than can be observed with a 0.5 mV/s scan rate. This is at least true
for the uncoated copper. A current peak is visible in Figure 2a for several of the ALD-coated samples,
likely corresponding to CuCl buildup at exposed copper surface sites. The peaks in the forward scan
of Figure 4a are not as pronounced for coated copper as for the uncoated copper, showing that the
coatings restrict the amount of surface area that is exposed to electrolyte.

Current measured over the forward scan is as much as an order of magnitude smaller for
ALD-coated compared to uncoated copper. The curves never quite merge, though the difference
in current decreases above ~0.4 V, as the CuCl surface coverage reaches a maximum at the Cu-ALD
film interface. The reverse potential scans in Figure 2b show two large current peaks for Al2O3, ATx5,
and ATx10 at ~ 0.1 V and -0.15 V. Only one of these peaks is seen for ATx1, and they do not appear
at all in the curves for TiO2 and uncoated copper. These current peaks are likely associated with
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copper-based film reduction at the Cu-ALD coating interface. Figure 4b shows that the presence of this
reduction peak for uncoated copper is dependent on potential scan rate. This feature appears when
the potential is scanned at 50 mV/s and becomes more prominent at 100 and 200 mV/s. The resistance
of pores in some of the ALD films clearly slows this reduction to the point that the peaks are visible at
low scan rates.

Figure 4. I–V curves in deoxygenated 0.1 M NaCl for: (a) uncoated and ALD-coated copper measured
at 10 mV/s and (b) uncoated copper measured at scan rates from 10 mV/s to 200 mV/s. Solid arrows
indicate scan direction and dashed arrow in (b) points in the direction of increasing scan rate. Refer to
Table 1 for sample descriptions.

3.2.2. Oxygenated Electrolyte

Again, all coated samples demonstrate higher polarization resistance and lower corrosion current,
and most have anodically-shifted corrosion potentials (see Figure 3). Several samples have similar
corrosion potentials to the deoxygenated electrolyte, though all polarization resistances are smaller
than their deoxygenated counterparts. Because dissolved oxygen alone is not typically enough to
passivate the copper surface, the oxygen content should have little effect on the equilibrium potential.
The larger differences in corrosion potential between oxygenated and deoxygenated conditions for
Al2O3, TiO2, and ATx10 may be attributed to slight differences in surface conditions, post-deposition
aging, or film quality.

There is evidence of diffusion-limited current in the cathodic portion of the curves in Figure 3.
In this case, the polarization resistance cannot be taken as a direct measurement of the charge transfer
resistance, and thus the corrosion current should be considered approximate. Regardless of the
diffusion-limited cathodic current, anodic dissolution of copper in chloride media is known to be
under mixed charge transfer and mass transport control [31], so care should always be taken in
interpreting corrosion parameters from polarization curves. In this case, the polarization resistance
and corrosion current serve as adequate comparison points between samples.

Cathodic currents measured during the forward potential scan are all smaller for the ALD-coated
copper, indicating a smaller exposed area for oxygen reduction at the copper surface. Measured current
for most samples converges once passivation occurs above 0.1–0.3 V. The shape of the reverse scans
(Figure 3b) is nearly identical for all samples, and a current peak appears close to −1 V associated with
reduction of the Cu2O surface film formed during the forward scan.

3.3. Electrochemical Impedance Spectroscopy

Figures 5 and 6 show impedance spectra of coated and uncoated copper in deoxygenated and
oxygenated 0.1 M NaCl, respectively. The graphs are split into Bode plots of impedance modulus and
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phase angle versus frequency for clarity. All impedance spectra were collected at open circuit potential,
and the results of equivalent circuit modeling of impedance data are provided in Table 3.

 
Figure 5. Impedance spectra measured from 100 kHz to 5 mHz in deoxygenated 0.1 M NaCl at OCP:
(a) impedance modulus and (b) phase angle versus frequency. Refer to Table 1 for sample descriptions.

 
Figure 6. Impedance spectra measured from 100 kHz to 5 mHz in oxygenated 0.1 M NaCl at OCP:
(a) impedance modulus and (b) phase angle versus frequency. Refer to Table 1 for sample descriptions.

3.3.1. Deoxygenated Electrolyte

ALD films exhibit increases in impedance over uncoated copper, generally 1–2 orders of
magnitude at low frequency. The phase angle plot depicts differences in the high-frequency impedance
response associated with the ALD films. Nanolaminate films have the largest impedance increase,
though all the ALD films have distinct impedance response from the uncoated copper sample.

There are several things of note in Table 3. The film resistance of ATx1 and ATx5 is much higher
than the other ALD coatings. Also, the interfacial CPE exponent is quite low for several of the samples,
indicating significant capacitive dispersion at the underlying copper surface. This may partly explain
the disagreement between interfacial resistance values from EIS and polarization resistances from DC
voltammetry (Table 2), as well as the effect of having an insufficiently low cutoff frequency. However,
the fact that the EIS-derived polarization resistances are higher is most likely influenced by the longer
rest period following reduction before impedance spectra are recorded. The impact of rest time and
aging is explored in Section 3.7. Equivalent circuit modeling reveals that several of the ALD films
exhibit CPE exponents above 0.9, indicating high-quality coatings, and fitted interfacial resistances for
all coatings are higher than the uncoated copper.
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Table 3. Fitted parameters from equivalent electrical circuit modeling of impedance spectra in
deoxygenated (Figure 5) and oxygenated (Figure 6) 0.1 M NaCl. Refer to Figure 1 for a depiction of the
equivalent circuit and parameter definitions. Q and α are the coefficient and exponent of the constant
phase element (see Equation (3)).

Deoxygenated

Rs

(Ω cm2)
Qfilm

(Ω−1 sa cm−2)
αfilm

Rfilm

(Ω cm2)
Qint

(Ω−1 sa cm−2)
αint

Rint

(Ω cm2)

Cu 124.7 2.08 × 10−5 0.87 6831 3.14 × 10−5 0.62 1.23 × 105

Al2O3 120.1 2.65 × 10−6 0.74 5320 2.04 × 10−5 0.65 6.30 × 106

TiO2 116.5 5.63 × 10−6 0.93 4759 4.83 × 10−5 0.80 1.48 × 106

ATx1 130.2 9.05 × 10−7 0.91 11,642 1.54 × 10−6 0.4 3.97 × 106

ATx5 126.2 4.43 × 10−7 0.98 18,858 1.45 × 10−6 0.63 1.11 × 107

ATx10 126.3 3.75 × 10v6 0.79 343.5 2.08 × 10−5 0.86 5.19 × 106

Oxygenated

Rs

(Ω cm2)
Qfilm

(Ω−1 sa cm−2)
αfilm

Rfilm

(Ω cm2)
Qint

(Ω−1 sa cm−2)
αint

Rint

(Ω cm2)
Wint

(Ω s−0.5 cm2)

Cu 135.6 8.08 × 10−5 0.90 272.5 1.46 × 10−4 0.58 2.18 × 105 2.2 × 10−9

Al2O3 116.8 3.02 × 10−6 0.74 385 8.96 × 10−5 0.73 7.60 × 105 4.8 × 10−10

TiO2 126 7.16 × 10−6 0.86 5324 3.81 × 10−5 0.58 4.85 × 105 9.2 × 10−10

ATx1 128 8.03 × 10−7 0.91 65,445 1.26 × 10−6 0.77 3.02 × 105 1.6 × 104

ATx5 123.9 4.58 × 10−7 0.97 72,013 1.96 × 10−6 0.64 5.50 × 106 1.6 × 10−3

ATx10 134.3 3.35 × 10−7 0.99 24,467 2.63 × 10−6 0.42 4.58 × 106 4.4 × 105

3.3.2. Oxygenated Electrolyte

The nanolaminate films show increases in impedance as high as two orders of magnitude.
The equivalent circuit for oxygenated measurements (Figure 1b) contains an additional Warburg
diffusion element at the copper-ALD film interface to account for enhanced mass transport control in
the presence of dissolved oxygen. Data were only fit well with the Warburg element in two cases, ATx1
and ATx10. For other samples the fitted Warburg coefficient was negligible. Film resistances for the
nanolaminate ALD films are much higher than the single layers and the deoxygenated measurements,
indicating passivation of pores in the more complex film structures. Interfacial resistances for all
coated samples are higher than the bare copper, although they are lower than those determined from
deoxygenated measurements, as would be expected.

3.4. ALD Film Stability

Impedance spectra measured over a 72-h immersion in deoxygenated and oxygenated electrolyte
are presented in Figures 7–10. Again, the graphs are split into Bode plots of impedance modulus
and phase angle versus frequency, and measurements were made at open circuit conditions. Dashed
arrows are provided in some of the graphs to indicate an increase in immersion time. Laser scanning
microscope images of coated and uncoated copper after 72-h EIS testing are displayed in Figure 11.
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Figure 7. Impedance modulus versus frequency at selected time intervals over 72-h immersion in
deoxygenated 0.1 M NaCl. Frequency range is 100 kHz to 5 mHz and sample type is given above each
plot. Dashed arrows indicate increasing immersion time. Refer to Table 1 for sample descriptions.

 
Figure 8. Impedance phase angle versus frequency at selected time intervals over 72-h immersion in
deoxygenated 0.1 M NaCl. Frequency range is 100 kHz to 5 mHz and sample type is given above each
plot. Dashed arrows indicate increasing immersion time. Refer to Table 1 for sample descriptions.
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Figure 9. Impedance modulus versus frequency at selected immersion times over 72-h immersion in
oxygenated 0.1 M NaCl. Frequency range is 100 kHz to 5 mHz and sample type is given above each
plot. Dashed arrows indicate increasing immersion time. Refer to Table 1 for sample descriptions.

 
Figure 10. Impedance phase angle versus frequency at selected immersion times over 72-h immersion
in oxygenated 0.1 M NaCl. Frequency range is 100 kHz to 5 mHz and sample type is given above each
plot. Dashed arrows indicate increasing immersion time. Refer to Table 1 for sample descriptions.
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Figure 11. Confocal laser scanning microscope images of uncoated and ALD-coated copper samples
after 72-h immersion and EIS testing in (a) deoxygenated and (b) oxygenated 0.1 M NaCl. Refer to
Table 1 for sample descriptions.

3.4.1. Deoxygenated Electrolyte

Phase angle plots show differences in impedance response among the ALD films and highlight
changes in the samples over time. Uncoated copper undergoes an increase in impedance, peaking at
24–48 h. This is due to the buildup of a protective surface film (i.e., CuCl). ATx5 and ATx1 also exhibit
similar behavior. Variations in phase angle at low frequency for these two films indicate changes at the
ALD film-substrate interface, rather than much alteration in the film itself. TiO2 and ATx10 display
good stability over 72 h, with minimal deviation in modulus or phase angle visible. A change in the
Al2O3 sample over time is apparent in Figures 7 and 8. The change in shape of both the modulus
and phase angle spectra indicate degradation of the ALD alumina film. The increase in phase angle
and decrease in impedance at high frequency seen after 24 h point to a stark decrease in the dielectric
quality of the film. Indeed, the shape of these curves for Al2O3 after 24 h closely resemble those of
the bare copper, and the impedance of the Al2O3 sample drops below that of uncoated copper due to
severe ALD film damage.
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Laser scanning microscope images after 72 h of EIS testing reveal that the uncoated copper surface
remains smooth and generally featureless after 72 h, having undergone uniform corrosion along with
Cu-based surface film buildup and dissolution during the immersion period. TiO2 and ATx1 remain
mostly unchanged, in good agreement with the impedance spectra. ATx5 and ATx10 show signs of
corrosion spots, though the ALD films are still intact, which also agrees with EIS measurements over
72 h. In the case of ATx5, these appear to be superficial spots of discoloration rather than corrosion
of the underlying copper surface. Al2O3 seems to be somewhat degraded, as the smoothness of the
substrate is apparently gone. Only a trace amount of aluminum is detected using EDX (not shown)
after immersion and is approximately 2% of what was detected before exposure to the NaCl solution.
An explanation of the degradation of the alumina ALD film is presented in Section 3.5.

3.4.2. Oxygenated Electrolyte

The titania-containing films have good stability over the immersion time, with TiO2, ATx1, and
ATx10 having increases in low-frequency impedance over time due to passivation of the substrate.
Al2O3 again undergoes degradation, evidenced by decreasing impedance modulus in a frequency
range corresponding to film response, which is mirrored by variations in shape of the phase angle
over time. The change in impedance of the Al2O3 film makes the degradation seem less severe than
in deoxygenated conditions, though the laser scanning microscope image in Figure 11 shows what
appears to be worse damage. However, the aluminum content detected by EDX (not shown) after
immersion is approximately 25% of what is detected before testing, which is 10 times more than that
detected after exposure to deoxygenated NaCl. The high contrast in the Al2O3 image in Figure 11
shows regions of exposed copper surrounded by dark, rough patches. The substrate has clearly been
oxidized in most places, likely slowing the deterioration of the remaining Al2O3 ALD film. Other ALD
samples appear to be in good shape, and the laser images are similar to those taken after immersion in
deoxygenated electrolyte.

3.5. Dissolution of Al2O3

According to thermodynamics, alumina should be stable in neutral aqueous electrolyte [69].
However, it has been shown in several instances that ALD alumina films experience dissolution in
neutral NaCl solutions [76,90]. Diaz et al. proposed that this behavior for ALD Al2O3 on carbon steel
resulted from cathodic oxygen reduction at the substrate surface, accessible through defects in the ALD
film [90]. Recall that oxygen reduction proceeds through the first reaction in Equation (2). This reaction
generates hydroxide ions, leading to a localized increase in pH and facilitating dissolution according
to [90]:

Al2O3 + 2OH− → 2AlO−
2 + H2O (5)

The degradation of ALD Al2O3 on copper over 72 h in 0.1 M NaCl seen in this work supports
the dissolution of alumina in neutral electrolyte. As in the work of Diaz et al. [90], deterioration
of the alumina film took place in deoxygenated electrolyte as well as oxygenated. This suggests
either incomplete removal of dissolved oxygen, coupled with a very low threshold for oxygen
reduction to occur, or the generation of hydroxide ions through other means, possibly water reduction
(see Equation (2)). Both scenarios likely contribute: incomplete removal of dissolved oxygen has been
proposed in the past [80] and some water reduction should occur at the high cathodic overpotentials
to which the samples are exposed. However, even in the absence of the reduction step (at −1.5 V) the
ALD alumina film degrades similarly according to EIS spectra, displayed in Figure 12. Thus, hydroxide
ions generated at equilibrium conditions must be sufficient to cause dissolution, assuming Equation (5)
is the primary reaction pathway for alumina ALD films.
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Figure 12. Impedance modulus versus frequency at selected immersion times over 72 h in
deoxygenated 0.1 M NaCl for ALD Al2O3 on copper. Unfilled shapes (black) are with and filled
shapes (red) are without an initial 2.5-min reduction at −1.5 V. Dashed arrow points in the direction of
increasing immersion time.

A recent study investigated the stability of ALD alumina films on silicon substrates in aqueous
media at elevated temperatures [68]. This study did not report dissolution of alumina in neutral
electrolyte, which is not surprising since oxygen reduction would likely not occur at the Si surface
to generate the required hydroxide ions, according to Equation (5). However, the authors did show
hydration and swelling, followed by film restructuring and roughening during exposure to neutral DI
water at room temperature with and without chloride ions. Alumina is known to exist in its hydrated
form when in contact with water [69]. Swelling and roughening would increase porosity and exposed
surface area, which could enhance the overall degradation of the alumina-coated copper. Note that
the hydration and dissolution mechanisms discussed here are not mutually exclusive and could both
contribute to the observed phenomena.

3.6. Effect of Dissolved Oxygen

The presence of dissolved oxygen is known to shift the equilibrium of Equation (1) toward CuCl2−,
leading to a higher dissolution rate with higher oxygen content [28]. The enhanced dissolution of CuCl
does not allow it to reach maximum coverage on the surface and inhibits passivation until a critical
current of 0.3–0.4 mA cm−2 is reached. The passivation current is more variable in deoxygenated
electrolyte, though it is roughly an order of magnitude smaller than in the presence of oxygen. Reverse
potential scans with oxygen present (Figure 3b) are significantly less variable than in deoxygenated
solutions. This, coupled with the single reduction peak for all samples, indicates a distinct mechanism
from deoxygenated media, which is presumed to be the formation of a Cu2O surface film. The reduction
of this film appears to be a slower reaction, as this peak is evident at a scan rate of 0.5 mV/s, whereas
the CuCl reduction on the bare copper was not visible until scan rates of 50–100 mV/s were used.

There is a current peak and subsequent reduction in the anodic portion of the polarization curves
for some of the ALD samples in oxygenated NaCl. This additional current peak is more obvious in the
CV scans provided in Figure 13 and generally results in a broadening of the passivation peak. This
may be indicative of maximum CuCl coverage at the Cu surface sites exposed through coating defects.
The much smaller substrate area exposed through pores in the ALD films compared to the uncoated
copper could promote full CuCl surface coverage before full oxide film formation occurs.

ALD film stability is rather unaffected by dissolved oxygen in the electrolyte. Formation of a
copper oxide film at the substrate-ALD film interface likely counteracts the more aggressive dissolution
of copper with oxygen present. This is an important point for implementation of ALD coatings in RF
devices for corrosion protection, as it is common for dissolved oxygen levels to be above specification
for coolant supplies.
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Figure 13. I–V curves in oxygenated 0.1 M NaCl for coated and uncoated copper, measured at a scan
rate of 10 mV/s. Arrows indicate the scan direction.

3.7. Copper-Based Surface Films and Sample Aging

Voltammetric curves were measured with and without (results not shown) a 30-min rest period
to investigate the effect of copper-based surface films on electrode polarization. Samples were held
at −1.5 V for 2.5 min to reduce surface films, after which either the polarization scan immediately
begins or there is a 30-min rest period at the open circuit potential. In both cases the scan starts at
−1 V vs. Ag/AgCl. Uncoated copper exhibits higher polarization resistance (as much as 5×) without
the rest period regardless of dissolved oxygen content in the electrolyte. Both CuCl and Cu2O are
thought to precipitate on the Cu surface during immersion in Cl-containing electrolyte [30,31,91].
The presence of these corrosion products formed during the open circuit measurement could
account for the increase in cathodic currents, as copper corrosion products are known to complicate
(and perhaps enhance) oxygen reduction [92]. Differences in polarization resistance and anodic current
(deoxygenated electrolyte) may be indicative of patchy CuCl/Cu2O film formation at OCP, resulting
in enhanced dissolution, rather than passivation.

The effects of a rest period after electroreduction are mixed for the ALD-coated copper samples.
Polarization resistance generally decreases for ALD samples without the 30-min OCP period. This
is due to a likely (partial) passivation of the copper surface at ALD film defect sites during the OCP
measurement. The much smaller exposed area through pores in the ALD film compared with the
uncoated copper allows surface films to precipitate faster. This is supported by the fact that the TiO2

sample sees an increase in polarization resistance comparable to uncoated copper. The TiO2 possesses
inferior sealing and nucleation properties compared with Al2O3, resulting in increased porosity and
allowing for a larger area of exposed Cu. In some cases, the polarization behavior is largely unchanged
with or without the rest period.

Assuming we may treat the ALD films as electrochemically inert simplifies this analysis
considerably. In that case, changes in polarization behavior must be ascribed to changes in the
state of the copper surface or to blocking effects by the ALD films. However, the dissolution of Al2O3

would complicate this process (refer to Section 3.5). A lack of passivation of surface sites during
the immediate transition from −1.5 V to −1 V for the polarization scan allows for enhanced oxygen
reduction and local increases in pH. This would lead to dissolution of alumina via Equation (5),
contributing to the measured current and the apparent decrease in corrosion protection.

Aging of the ALD-coated samples plays an important role in parameters derived from
electrochemical testing, as is apparent from the discussion of the effect of copper surface films formed
during testing. After the coupons are coated (and during deposition [93]), copper oxide growth is
expected at the base of coating pores and defects. Passivation in this manner can greatly increase
initial corrosion resistance. This is evident in the work of Mirhashemihaghighi et al. [80,93], in which
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polarization resistances on the order of 100 MΩ cm2 are measured without an electroreduction step
during immersion in 0.5 M NaCl. Also, this is apparent in Figure 12, where the lack of a reduction step
leads to a two order of magnitude increase in impedance of Al2O3-coated copper. It does not, however,
reduce or prevent the dissolution of alumina over time. Further investigation is needed to determine
the effect of aging of ALD films on copper on the long-term stability of the films.

3.8. Effect of Deposition Temperature

It is well known that many thermal ALD processes can proceed over a wide temperature range.
For example, Al2O3 has been deposited by ALD from room temperature [45,94] up to 400 ◦C [76].
The substrate temperature during deposition can have a substantial impact on film properties, though
its effect on the corrosion resistance of the film is not immediately apparent. Increasing temperature has
two competing consequences for thin film growth: densification and crystallization. Higher deposition
temperature for inorganic films almost always leads to an increase in density, which is desirable for
corrosion protection. Along with an increase in density, certain materials begin to crystallize. Though
crystallinity is preferred in many applications, amorphous corrosion barrier films are generally more
effective. Crystalline films tend to have aligned pores and thus provide inferior separation between
substrate and environment.

ALD Al2O3 is known to be amorphous up to temperatures well beyond the upper limit of atomic
layer growth [95,96], which is important for its use as a corrosion barrier coating. Higher deposition
temperature leads to a denser film and decreases impurities such as hydrogen and carbon [76,97].
Figure 14a shows that this does not translate into an increase in the stability of ALD alumina on copper.
Despite the higher starting film quality of the 250 ◦C deposition, resulting in impedance that is as much
as an order of magnitude higher than the film deposited at 150◦C, the stability is still poor. The 250 ◦C
Al2O3 film experiences a 100x decrease in low-frequency impedance after 72 h, which is ~10x that of
the 150 ◦C film. This result agrees with a previous study of ALD alumina films, in which increased
chemical stability was not observed until annealing at 900 ◦C was performed [68].

Figure 14. Impedance modulus versus frequency at selected immersion times over 72 h in oxygenated
0.1 M NaCl for various ALD substrate temperatures: (a) Al2O3-coated Cu; (b) TiO2-coated Cu; and
(c) ATx10 [(Al2O3+TiO2)x10]-coated Cu. In (a) and (c) unfilled shapes (black) represent a substrate
temperature of 150 ◦C during deposition and filled shapes (red) indicate 250 ◦C substrate temperature.
In (b) substrate temperatures are: 250 ◦C—red, 150 ◦C—black, and 100 ◦C—blue. Deposition
temperatures are also provided on each plot, and all films are nominally 50 nm thick.

The temperature dependence of TiO2 deposition is a bit more complicated. Refractive index
and impurity concentrations generally increase and decrease, respectively, with increasing deposition
temperature [76,98,99]. TiO2 ALD films deposited using the TiCl4-H2O process have been shown to be
amorphous at temperatures ≤ 150 ◦C and crystalline above roughly 165 ◦C [76,98,100]. Studies have
also presented film thickness [100,101] and substrate [102] dependence of TiO2 crystallinity by ALD.
There are competing mechanisms with TiO2 ALD growth: higher deposition temperatures produce
better film quality but also result in varying degrees of crystallization. This effect is demonstrated
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in Figure 14b, which shows impedance spectra for three different deposition temperatures of TiO2

ALD growth on copper. The films deposited at 100 ◦C and 150 ◦C both show good stability over 72 h,
though the higher film quality of the 150 ◦C film is apparent based on the larger measured impedance
from ~100 Hz to 5 mHz. The titania film deposited at 250 ◦C exhibits vastly different impedance
spectra after 2, 24, and 72 h immersion. Unlike alumina, the chemical stability of titania in neutral
salts is not in question, so this behavior is indicative of changes in the copper substrate and may be
attributed to the higher porosity of this coating due to its crystallinity.

A deposition temperature of 250 ◦C for the 10x nanolaminate (ATx10) results in lower overall
impedance (Figure 14c), though there is very little change in impedance over 72 h immersion. This
contrasts the poor stability seen for alumina and titania individually at 250 ◦C. It is presumed that
the multilayered structure generates discontinuous pores and can reduce the negative effects of the
crystallization of TiO2 layers. It is also likely that the TiO2 layer (~2.5 nm) is not thick enough to become
crystalline in the ATx10 film structure [100,101]. Further investigation is needed to fully understand
the effects of deposition conditions on ultra-thin ALD nanolaminate film layers.

3.9. Nanolaminate Coatings

The effects of having a conformal sealing layer are apparent in the increased initial corrosion
protection afforded by the alumina-containing coatings over the single-layer TiO2 film. However,
due to the dissolution of alumina, this beneficial effect may be partially overshadowed. Each
of the three nanolaminate coatings was a superior corrosion barrier to either of the individual
materials. It was expected that increasing the number of film layers would lead to lower porosity
and a better corrosion barrier, though ATx5 [(5 nm Al2O3 + 5 nm TiO2)x5], rather than ATx10
[(2.5 nm Al2O3 + 2.5 nm TiO2)x10], provided the best overall corrosion protection, as determined
by EIS measurements over 72 h with and without deoxygenation. We attribute this to achieving a
balance between the number of layers (and interfaces) and better film quality as thickness increases.
Having multiple film layers likely facilitates the filling of pores in previous layers and the misalignment
of pores across several interfaces. On the other hand, film density and uniformity generally increase
with thickness for ultra-thin films. Thus, having fewer interfaces in ATx5 is balanced by generating
higher-quality individual layers at 5 nm compared to 2.5 nm for ATx10. Nonetheless, the nanolaminate
films successfully incorporate desirable properties of both film materials. The possibility of including
additional materials, metal oxides or otherwise, allows these films to be tailorable to specific situations
or environments. The precise thickness control of ALD enables these types of nanolaminate films with
many individual layers, even when the total film thickness is only 50 nm or less.

4. Conclusions

Atomic layer deposition presents the opportunity to apply nanometer-scale corrosion barrier
coatings to very high aspect ratio structures and component interiors, which is not possible with
many other coating techniques. The results presented here show the promise of ultra-thin ALD barrier
coatings in chloride environments. DC voltammetry measurements produced 10–15x increases in
polarization resistance, up to 3.4 MΩ cm2, with 50 nm nanolaminate films of Al2O3 and TiO2, two
materials that are readily available and widely deposited by ALD. With longer equilibration time
than for the DC measurements, the nanolaminate films saw nearly a 100x increase in the polarization
resistance determined from equivalent circuit fitting of impedance spectra, up to 12 MΩ cm2. This was
even higher, well above 100 MΩ cm2, when the initial electroreduction step was removed and could
be further increased using thicker films or different materials.

The stability of single-layer Al2O3 ALD films on copper was found to be poor during immersion
in neutral 0.1 M NaCl, with severe degradation in measured impedance response occurring within 24 h.
This agrees with previous reports of the dissolution of ALD alumina on active substrates [76,90] and
has been attributed to hydroxide generation during oxygen reduction at the substrate surface exposed
through pores or defects in the ALD film [90]. TiO2 was found to be very stable, although it showed the
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smallest initial increase in corrosion resistance because of its inferior nucleation and sealing capabilities
compared to alumina. Nanolaminate film structures, including ATx1 [10 nm Al2O3 + 40 nm TiO2],
ATx5 [(5 nm Al2O3 + 5 nm TiO2)x5], and ATx10 [(2.5 nm Al2O3 + 2.5 nm TiO2)x10], were successful at
combining the superior sealing properties of alumina with the excellent chemical stability of titania.
ATx5 exhibited the best overall performance according to impedance spectroscopy over 72 h. We
attribute this to the beneficial effects of multiple thin film layers without individual layer quality
suffering from being too thin to form a dense and effective barrier. It remains to be seen how these
samples perform over longer immersion times and in flowing electrolyte conditions.

The effect of dissolved oxygen in the electrolyte was probed through various electrochemical
measurements. As expected, the presence of oxygen enhances corrosion in chloride-containing media.
However, perhaps unexpectedly, dissolved oxygen was found to have little effect on the stability
of ALD films. The ability of copper exposed through coating pores to passivate caused there to be
minimal variation in impedance over 72 h, comparable to deoxygenated conditions. Laser microscope
imaging revealed little difference in surface morphology between nanolaminate samples exposed to
oxygenated or deoxygenated electrolyte.

Also explored was the use of different deposition temperatures to determine its effect on film
quality and corrosion barrier efficacy. An obviously higher initial film quality existed for Al2O3 single
layers deposited at 250 ◦C, though degradation over time was found to be at least as, if not more, severe
than for the films deposited at 150 ◦C, according to impedance spectra. Substrate temperature during
deposition of TiO2 is more complicated in that it impacts the crystallinity as well as the dielectric quality
and contaminant concentrations. As with alumina, the initial dielectric quality of the titania films
was found to increase with deposition temperature, although crystallization and increased porosity at
250 ◦C resulted in poor performance over the 72-h immersion. The stability of TiO2 at 100 ◦C was good,
but it was still outperformed by the 150 ◦C deposition, which appears to be in the range of an optimal
temperature for titania ALD for corrosion protection. ATx10 was also deposited at 250 ◦C and showed
good stability over 72 h, unlike both the single-layer alumina and titania deposited at this temperature.
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58. Mirhashemihaghighi, S.; Światowska, J.; Maurice, V.; Seyeux, A.; Zanna, S.; Salmi, E.; Ritala, M.; Marcus, P.
Corrosion protection of aluminium by ultra-thin atomic layer deposited alumina coatings. Corros. Sci. 2016,
106, 16–24. [CrossRef]

59. Hirvikorpi, T.; Vähä-Nissi, M.; Mustonen, T.; Iiskola, E.; Karppinen, M. Atomic layer deposited aluminum
oxide barrier coatings for packaging materials. Thin Solid Films 2010, 518, 2654–2658. [CrossRef]

60. Hirvikorpi, T.; Vähä-Nissi, M.; Harlin, A.; Karppinen, M. Comparison of some coating techniques to fabricate
barrier layers on packaging materials. Thin Solid Films 2010, 518, 5463–5466. [CrossRef]

61. Lahtinen, K.; Maydannik, P.; Johansson, P.; Kääriäinen, T.; Cameron, D.C.; Kuusipalo, J. Utilisation of
continuous atomic layer deposition process for barrier enhancement of extrusion-coated paper. Surf. Coat.
Technol. 2011, 205, 3916–3922. [CrossRef]

62. Kääriäinen, T.O.; Maydannik, P.; Cameron, D.C.; Lahtinen, K.; Johansson, P.; Kuusipalo, J. Atomic layer
deposition on polymer based flexible packaging materials: Growth characteristics and diffusion barrier
properties. Thin Solid Films 2011, 519, 3146–3154. [CrossRef]

63. Bae, D.; Kwon, S.; Oh, J.; Kim, W.K.; Park, H. Investigation of Al2O3 diffusion barrier layer fabricated by
atomic layer deposition for flexible Cu(In,Ga)Se2 solar cells. Renew. Energy 2013, 55, 62–68. [CrossRef]

64. Baba Heidary, D.S.; Qu, W.; Randall, C.A. Evaluating the merit of ALD coating as a barrier against hydrogen
degradation in capacitor components. RSC Adv. 2015, 5, 50869–50877. [CrossRef]

65. Langereis, E.; Creatore, M.; Heil, S.B.S.; van de Sanden, M.C.M.; Kessels, W.M.M. Plasma-assisted atomic
layer deposition of Al2O3 moisture permeation barriers on polymers. Appl. Phys. Lett. 2006, 89, 081915.
[CrossRef]

66. Park, S.K.; Oh, J.; Hwang, C.; Lee, J.; Yang, Y.S.; Chu, H.Y. Ultrathin Film Encapsulation of an OLED by ALD.
Electrochem. Solid-State Lett. 2005, 8, H21. [CrossRef]

67. Jarvis, K.L.; Evans, P.J. Growth of thin barrier films on flexible polymer substrates by atomic layer deposition.
Thin Solid Films 2017, 624, 111–135. [CrossRef]

68. Correa, G.C.; Bao, B.; Strandwitz, N.C. Chemical Stability of Titania and Alumina Thin Films Formed by
Atomic Layer Deposition. ACS Appl. Mater. Interfaces 2015, 7, 14816–14821. [CrossRef] [PubMed]

69. Pourbaix, M. Atlas of Electrochemical Equilibria in Aqueous Solutions; NACE: Houston, TX, USA, 1974;
ISBN 978-0915567980.

70. Sun, Q.; Yu, H.; Liu, Y.; Li, J.; Lu, Y.; Hunt, J.F. Improvement of water resistance and dimensional stability of
wood through titanium dioxide coating. Holzforschung 2010, 64, 757–761. [CrossRef]

71. Taruta, S.; Watanabe, K.; Kitajima, K.; Takusagawa, N. Effect of titania addition on crystallization process and
some properties of calcium mica–apatite glass-ceramics. J. Non. Cryst. Solids 2003, 321, 96–102. [CrossRef]

72. Karpagavalli, R.; Zhou, A.; Chellamuthu, P.; Nguyen, K. Corrosion behavior and biocompatibility of
nanostructured TiO2 film on Ti6Al4V. J. Biomed. Mater. Res. Part A 2007, 83A, 1087–1095. [CrossRef]
[PubMed]

73. Abdulagatov, A.I.; Yan, Y.; Cooper, J.R.; Zhang, Y.; Gibbs, Z.M.; Cavanagh, A.S.; Yang, R.G.; Lee, Y.C.;
George, S.M. Al2O3 and TiO2 Atomic Layer Deposition on Copper for Water Corrosion Resistance. ACS Appl.
Mater. Interfaces 2011, 3, 4593–4601. [CrossRef] [PubMed]

74. Pan, J.; Leygraf, C.; Thierry, D.; Ektessabi, A.M. Corrosion resistance for biomaterial applications of TiO2

films deposited on titanium and stainless steel by ion-beam-assisted sputtering. J. Biomed. Mater. Res. 1997,
35, 309–318. [CrossRef]

75. Marin, E.; Guzman, L.; Lanzutti, A.; Ensinger, W.; Fedrizzi, L. Multilayer Al2O3/TiO2 Atomic Layer
Deposition coatings for the corrosion protection of stainless steel. Thin Solid Films 2012, 522, 283–288.
[CrossRef]

76. Matero, R.; Ritala, M.; Leskelä, M.; Salo, T.; Aromaa, J.; Forsén, O. Atomic layer deposited thin films for
corrosion protection. Le J. Phys. IV 1999, 9, 493–499. [CrossRef]
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Abstract: The paper presents research on evaluation of corrosion resistance of Ni-W alloy coatings
subjected to heat treatment. The corrosion resistance was tested in 5% NaCl solution by the
use of potentiodynamic polarization technique and electrochemical impedance spectroscopy.
Characteristics of the Ni-W coatings after heat treatment were carried out using scanning electron
microscopy, scanning Kelvin probe technique and X-ray diffraction. Suggested reasons for the
improvement of properties of the heat treated Ni-W coating, obtained at the lowest current density
value (125 mA·cm−2), are the highest tungsten content (c.a. 25 at.%) as well as the smallest and the
most homogeneous electrochemically active surface area.

Keywords: Ni-W alloy coating; heat treatment; corrosion resistance

1. Introduction

The electroplating technique is increasingly used to obtain new materials with specific functional
properties. This is due to the fact that by controlling the deposition parameters, i.e. voltage,
current, bath composition, temperature, it is possible to influence the structure of the obtained
material, and hence its properties. The advantage of this method is the possibility of simultaneously
co-depositing several metals as well as incorporation powders of metals, non-metals or chemical
compounds into the coating [1–44]. Thus, the electroplating technique allows obtaining alloy and
composite coatings (amorphous or crystalline) with a specific chemical and phase composition, as well
as modelled surface morphology. Many metals are currently used as electrode materials in various
electrochemical processes. Among them are the metals from the group of irons, especially nickel,
which is characterized by good corrosion resistance and high catalytic activity in the process of
hydrogen evolution. In order to improve the utilization of nickel coatings, various methods of their
modifications could be applied, such as the use of alloys instead of pure elements. The interest
in electrodeposited nickel - tungsten alloys is due to their specific magnetic, electrical, mechanical,
thermal and corrosion properties [19–39,44]. These alloy coatings are widely used in the elements
of machines operating under high mechanical load, at high temperatures, as well as in aggressive
environments. Ni-W coatings are also used as electrode materials for hydrogen evolution reaction
(HER) [2,19,40]. It should be noted that nickel - tungsten alloys can only be obtained from aqueous
solutions through an induced code position, that is, tungsten is code posited with nickel. Sulphate,
sulfamine and citrate baths with the addition of sodium tungstate are usually used [19–39,44].
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Generally, heat treatment of electrolytic coatings should increase their corrosion resistance what
was confirmed in earlier studies e.q. in [10,13,15,17,41]. The formation of new phases and the reduction
of the active surface after heat treatment are the main reasons for improving the corrosion resistance
of these materials. Thus, we expect that heat treatment of investigated Ni-W alloy coatings can also
significantly slow down corrosion processes occurring on its surface.

According to our knowledge there is lack of information about corrosion resistance of Ni-W
coatings subjected to heat treatment in the air. Thus, the aim of this work is to study corrosion properties
of heat-treated Ni-W coatings in 5% NaCl solution especially with respect to surface morphology,
chemical and phase composition. The Ni-W coatings were deposited under galvanostatic conditions at
the following cathodic current densities: 125, 150, 175 and 200 mA·cm−2. The heat treatment of all
coatings was carried out at a temperature of 1173 K. Therefore, the coatings discussed in the article
were marked as follows: C125/1173, C150/1173, C175/1173 and C200/1173.

2. Materials and Methods

The Ni-W alloy coatings were obtained by electroplating from the electrolyte of the following
composition (concentrations in g·dm−3): NiSO4·7H2O–13, Na2WO4·2H2O–68, C6H5O7Na3·2H2O–200
and NH4Cl–50. For preparation of the bath ultrapure water (Millipore, 18.2 MΩ cm) and ‘analytical
grade’ reagents (Avantor Performance Materials Poland S.A.) were used. The coatings were deposited
galvanostatically at the current densities 125, 150, 175 and 200 mA·cm−2 and temperature of 343 K. The
coatings were deposited on the steel (S235) plate of 1.0 cm2 geometric surface area. A platinum mesh
served as an auxiliary electrode. The chemical composition of the as-deposited Ni-W alloy coatings is
presented in Table 1.

Table 1. Chemical composition of the as-deposited Ni-W alloy coatings determined by energy dispersive
spectroscopy, in dependence on deposition current density.

Type of As-Deposited Coatings At.% Ni At.% W

Ni-W (jdep = 125 mA·cm−2) 75.4 ± 0.4% 24.6 ± 0.4%
Ni-W (jdep = 150 mA·cm−2) 77.3 ± 0.2% 22.7 ± 0.2%
Ni-W (jdep = 175 mA·cm−2) 78.5 ± 0.7% 21.5 ± 0.7%
Ni-W (jdep = 200 mA·cm−2) 80.2 ± 0.1% 19.8 ± 0.1%

Heat treatment of Ni-W alloy coatings was carried out in a muffle stove of the type FCF 2.5
SHMgO (Czylok Company, Jastrzębie-Zdrój, Poland) at 1173 K for 1 h in the air.

The surface morphology and chemical composition of the heat-treated coatings was studied using
a scanning electron microscope (SEM, JEOL JSM–6480, JEOL Ltd., Tokyo, Japan) equipped with an
energy dispersive spectroscopy (EDS) detector (JEOL Ltd., Tokyo, Japan). The phase composition was
determined by means of X-ray diffraction method using Philips X’Pert PW 3040/60 X-ray diffractometer
(U = 40 kV, I = 30 mA, Panalytical, Almelo, Netherlands) with copper radiation (λ (Cu Kα) = 1.54178 Å).
The data collection was over the 2-theta range of 20◦ to 120◦ in steps of 0.02◦.

Corrosion resistance of the heat-treated coatings was determined, using potentiodynamic
polarization technique and electrochemical impedance spectroscopy (EIS). These measurements were
carried out in a 5 wt.% NaCl solution, using three-electrode cell and an AUTOLAB® electrochemical
system (PGSTAT30, Metrohm Autolab B.V., Utrecht, Netherlands). The auxiliary electrode was a
platinum mesh and the reference electrode was a saturated calomel electrode (SCE). Potentiodynamic
curves were recorded in the potential range ± 100 mV versus open circuit potential with rate
v = 1 mV·s−1.

The electrochemical impedance spectroscopy was performed at the corrosion potential. In these
measurements, the amplitude of the ac signal was 10 mV. A frequency range from 10 kHz to 0.1 Hz
was covered with 10 points per decade. All electrochemical investigations were made at 298 K.
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Contact potential difference (CPD) maps and surface topography maps of the heat-treated coatings
were recorded by means of Scanning Kelvin Probe (SKP) technique using PAR Model 370 Scanning
Electrochemical Workstation (Princeton Applied Research, Oak Ridge, USA) equipped with a tungsten
Kelvin probe (KP). The scanning area was 4000 × 4000 μm2 and the distance between the probe and
the sample was ca. 100 μm.

3. Results and Discussion

The heat-treated Ni-W coatings are characterized by grey, smooth and uniform surface. The surface
morphology of the coatings differs, which means it depends on the deposition current density (Figure 1).
The surface of C125/1173 coating shows small, separately located globules changing into larger ones
with increasing of deposition current density. Coatings obtained at low current density values have a
poorly developed surface. It can be explained by that low current densities favor the slow discharge of
ions at electrodes, and therefore the growth rate of the resulting grains exceeds the speed of forming of
new ones. As the current density increases, the rate of formation of new grains also increases what
result in more developed surface. The increase in the density of the deposition current causes intense
hydrogen evolution, which in turn can cause the formation of porous coatings.

 
Figure 1. Surface morphology of Ni-W coatings after heat treatment in the air, in dependence on
deposition current density: (a) C125/1173, (b) C150/1173, (c) C175/1173 and (d) C200/1173.

The phase composition of the as-deposited Ni-W alloy coatings is independent of applied current
conditions. All X-ray diffraction patterns show the presence of reflexes coming from solid solution
of W in Ni. An example of X-ray diffraction pattern obtained for Ni-W coating deposited at current
density of 175 mA·cm−2 is shown in the Figure 2a. The phase composition of the Ni-W alloy coatings
after heat treatment is also independent of applied current conditions. During the heat treatment in the
air the solid solution of tungsten in nickel breaks down and chemical reaction with oxygen proceeds
leading to a formation of new phases. X-ray diffraction patterns shown in Figure 2b–e indicate that
the C125/1173, C150/1173, C175/1173 and C200/1173 coatings consist of three phases, i.e., Ni4W, WO2

and WO3.
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Figure 2. X-ray diffraction patterns for the as-deposited (a) C175/- and after heat treatment (b) C125/1173,
(c) C150/1173, (d) C175/1173, (e) C200/1173 Ni-W coatings.

Values of the corrosion parameters i.e. corrosion potential Ecorr and corrosion current density jcorr

were determined from measured dependencies j = f (E). It was found that the value of the corrosion
potential for the C125/1173 coating is the highest compared to the Ecorr obtained for the coatings
deposited at larger current densities i.e. C150/1173, C175/1173 and C200/1173 (Figure 3, Table 2). It was
also noted that, for the C125/1173 coating, the value of corrosion current density is lower compared to
the other coatings (Table 2). This suggests that the C125/1173 coating, is more corrosion resistant in
5 wt.% NaCl solution than the other investigated coatings. It should be added that all heat-treated
Ni-W coatings are characterized by the definitely higher corrosion resistance compared to the substrate
(corrosion potential of S235 steel is −739 mV) [4].

The results of the EIS investigations presented in the form of Nyquist plots (−Z” = f (Z′)) were
shown in Figure 4. For all investigated coatings one semicircle in the whole range of frequencies
is observed. It has been found that this behavior of the heat-treated Ni-W coatings could be
described by one-CPE electrode model (Figure 5). This is typical model for rough or porous materials.
Such equivalent circuit is characteristic for materials composed of cylindrical pores of radius r and
length l. As was shown in a paper [45] for short and wide pores l2/r is very small and only one
semicircle on the complex plane plot (Nyquist plot) was observed. The one-CPE model consists of
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the solution resistance Rs in series with a parallel connection of the CPE element (ZCPE = 1/[(jω)φ T]
where T is the capacitive parameter, φ is a dimensionless parameter and ω is the angular frequency of
ac voltage) and the polarization resistance Rp [42].

Figure 3. Potentiodynamic curves registered in 5 wt.% NaCl solution for the Ni-W coatings after heat
treatment in the air, in dependence on deposition current density.

Ω Ω

Figure 4. Nyquist plots registered in 5 wt.% NaCl solution for the Ni-W coatings after heat
treatment in the air, in dependence on deposition current density; symbols–experimental points,
solid lines–approximations using the one-CPE model.
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Table 2. Corrosion potential Ecorr and corrosion current density jcorr determined for Ni-W coatings
after heat treatment in the air, in dependence on deposition current density.

Ni-W Coating Ecorr (mV) jcorr (μA·cm−2)

C125/1173 −508 5.9
C150/1173 −538 9.2
C175/1173 −539 10.9
C200/1173 −550 11.7

 

Ω Ω

Figure 5. Equivalent circuit scheme, Rs–solution resistance, CPE–constant phase element,
Rp–polarization resistance.

Approximations of the experimental impedances using the one-CPE model allowed to determine
the following parameters: Rp, Rs, T, φ (Table 3). Note that lower values of polarization resistance Rp

indicate that a material is more susceptible to corrosion.

Table 3. EIS parameters determined for Ni-W coatings after heat treatment in the air, in dependence on
deposition current density.

Ni-W Coating
Rp

(kΩ·cm2)
T φ

Rs

(Ω·cm2)
Rf

C125/1173 1.845 0.000146 0.87 1.19 2.00
C150/1173 1.535 0.000274 0.89 1.79 5.33
C175/1173 1.451 0.000328 0.89 1.51 6.39
C200/1173 1.122 0.000488 0.86 1.27 7.33

Rp is the polarization resistance, T is the capacitive parameter, φ is the parameter related to the rotation of the
complex plane plot, Rs is the solution resistance, Rf is the factor of electrochemically active surface area.

The double-layer capacitance, Cdl, was calculated according to [43]:

T = Cdl
φ (1/Rs + 1/Rp)1-φ (1)

The ratio of capacitances Cdl determined for Ni-W coating and ideally smooth nickel electrode
(20 μF·cm−2 [43]) gives factor of electrochemically active surface area, Rf (Table 3). Larger values of this
parameter indicate larger interfacial surface, and hence deterioration of material corrosion resistance.
The smallest electrochemically active surface area and the highest polarization resistance obtained for
C125/1173 sample clearly indicate that this coating exhibit the best anticorrosion properties compared
with the other coatings.

Figure 6 shows CPD maps registered for the studied Ni-W coatings. Statistical analysis of the
obtained maps allows determining parameters describing quantitatively the surface properties i.e.
average (CPDav) and root mean square (CPDq) of contact potential difference [46–48]. It was stated
that the C125/1173 coating (Figure 6a, Table 4) is characterized by the highest value of CPDav which
equals c.a. −1060 mVKP (mVKP is the voltage measured in relation to the Kelvin probe). Increasing of
the deposition current density to 200 mA·cm–2 (Figure 6d, Table 4) causes that the CPDav decreases by
about 140 mVKP. Deviation of the CPD values from the mean (represented by CPDq) is the smallest for
C125/1173 and equals c.a. 16 mVKP. It means that this coating shows the most homogeneous surface
of all the coatings tested. It should be noted that in the case of C200/1173 coating, obtained at the
highest current density, CPDq increases more than two times in comparison with C125/1173. Figure 7
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shows the tungsten content (at.%) and corrosion current density (jcorr) plotted versus the average
contact potential difference (CPDav). It has been found that the increase of tungsten content in the
Ni-W coating causes linear increase of CPDav. What is more, the corrosion rate (represented by jcorr) of
Ni-W coatings linearly decreases with increasing CPDav. Thus, CPDav value allows estimating the
corrosion rate of Ni-W coatings after heat treatment in air.

Figure 6. CPD maps determined for the Ni-W coatings after heat treatment in the air: (a) C125/1173,
(b) C150/1173, (c) C175/1173 and (d) C200/1173.

Table 4. Statistical parameters obtained using CPD maps of the heat-treated Ni-W coatings.

Ni-W Coating C125/1173 C150/1173 C175/1173 C200/1173

CPDav
(mVKP) −1058 −1104 −1169 −1194

CPDq
(mVKP) 16 22 17 55

CPDav—average value, CPDq—root mean square, mVKP is the voltage measured in relation to the Kelvin probe.

Figure 8 shows surface topography maps of the heat-treated Ni-W coatings obtained at deposition
current density 125 mA·cm−2 (a) and 200 mA·cm−2 (b). Maps allow determining parameters describing
quantitatively the surface roughness i.e. root mean square roughness (Sq), maximum peak height (Sp)
and maximum pit depth (Sv). It was found that for the C125/1173 coating Sq = 0.8 μm, Sp = 2.9 μm,
Sv = 2.6 μm and for C200/1173 coating Sq = 9.8 μm, Sp = 20.9 μm, Sv = 21.1 μm. It can be concluded
that both coatings are characterized by a uniform distribution of peaks and valleys heights around
the mean. However, it should be noted that for C200/1173 coating Sp and Sv parameters are 7-8 times
higher in comparison with C125/1173. This fact can be explained by that as the deposition current
density increases, the small globules visible on the C125/1173 surface (see Figure 1) change into larger
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ones. It was also stated that the deviation of peaks and valleys heights around the mean (Sq parameter)
for C200/1173 is higher. This is due to the fact that the Sq parameter is directly related to the heights of
peaks and valleys on the material surface.

Figure 7. Tungsten content (at.%) and corrosion current density (jcorr) versus average contact potential
difference (CPDav) determined for the Ni-W coatings; mVKP is the voltage measured in relation to the
Kelvin probe.

Figure 8. Topography maps determined for the heat-treated Ni-W coatings: (a) C125/1173 and
(b) C200/1173.

4. Conclusions

It was found that C125/1173 coating is the most resistant to corrosion in 5 wt.% NaCl solution of all
the coatings tested. This is evidenced by the highest values of the corrosion potential, average contact
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potential difference and polarization resistance as well as the lowest value of the corrosion current
density. The reason for this is the highest tungsten content in C125/1173 and the smallest surface area
of this coating. Analysis of contact potential difference distribution shows also that the C125/1173
coating is characterized by the most homogeneous surface of all the coatings tested.
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41. Popczyk, M.; Łosiewicz, B.; Łągiewka, E.; Budniok, A. Influence of thermal treatment on the electrochemical
properties of Ni+Mo composite coatings in an alkaline solution. Solid State Phenom. 2015, 228, 231–236.
[CrossRef]

42. Karimi-Shervedani, R.; Lasia, A. Studies of the hydrogen evolution reaction on Ni-P electrodes. J. Electrochem.
Soc. 1997, 144, 511–519. [CrossRef]

43. Karimi-Shervedani, R.; Lasia, A. Evaluation of the surface roughness of microporous Ni-Zn-P electrodes by
in situ methods. J. Appl. Electrochem. 1999, 29, 979–986. [CrossRef]

44. Hou, K.-H.; Chang, Y.-F.; Chang, S.-M.; Chang, C.-H. The heat treatment effect on the structure and mechanical
properties of electrodeposited nano grain size Ni-W alloy coatings. Thin Solid Films 2010, 518, 7535–7540.
[CrossRef]

45. Lasia, A. Nature of the two semi-circles observed on the complex plane plots on porous electrodes in the
presence of a concentration gradient. J. Electroanal. Chem. 2001, 500, 30–35. [CrossRef]

46. Kubisztal, J.; Kubisztal, M.; Haneczok, G. Quantitative characterization of material surface–application to Ni
+Mo electrolytic composite coatings. Mater. Charact. 2016, 122, 45–53. [CrossRef]

47. Kubisztal, J.; Kubisztal, M.; Stach, S.; Haneczok, G. Corrosion resistance of anodic coatings studied by
scanning microscopy and electrochemical methods. Surf. Coat. Tech. 2018, 350, 419–427. [CrossRef]

48. Bak, A.; Losiewicz, B.; Kozik, V.; Kubisztal, J.; Dybal, P.; Swietlicka, A.; Barbusinski, K.; Kus, S.; Howaniec, N.;
Jampilek, J. Real-time corrosion monitoring of AISI 1010 carbon steel with metal surface mapping in sulfolane.
Materials 2019, 12, 3276. [CrossRef]

© 2020 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

321





materials

Article

Effects of the Combined Addition of Zn and Mg on
Corrosion Behaviors of Electropainted AlSi-Based
Metallic Coatings Used for Hot-Stamping Steel Sheets

Si On Kim 1, Won Seog Yang 2 and Sung Jin Kim 1,*

1 Department of Advanced Materials Engineering, Sunchon National University, Jungang-ro, Suncheon,
Jeonnam 57922, Korea; kzo1102@scnu.ac.kr

2 R&D Division, Hyundai Steel, 1480 Bukbusaneop-ro, Songak-eup, Dangjin, Chungnam 31719, Korea;
wsyang@hyundai-steel.com

* Correspondence: sjkim56@sunchon.ac.kr; Tel.: +82-61-750-3557

Received: 8 July 2020; Accepted: 27 July 2020; Published: 30 July 2020

Abstract: The effects of the combined addition of Zn and Mg on the corrosion resistance of AlSi-based
coating for automotive steel sheets were investigated using a variety of analytical and electrochemical
techniques. The preferential dissolution of Mg and Zn from MgZn2/Mg2Si phases occurred on the
AlSi-based coating that had been alloyed with a smaller portion of Zn and Mg, which contributed to the
rapid surface coverage by corrosion products with a protective nature, reducing the corrosion current
density. On the other hand, localized corrosion attacks caused by the selective dissolution of Mg were
also observed in the AlSi-based coating with a smaller portion of Zn and Mg. Such alloying can also
worsen its corrosion resistance when coated additionally with electrodeposited paint. The mechanistic
reasons for these conflicting results are also discussed.

Keywords: hot stamping steel; AlSi-based coating; electrodeposited paint; Zn; Mg; corrosion

1. Introduction

Metallic coatings have been applied widely to steel substrates used in the automotive
industry, because of their anti-corrosion performance [1–3]. In general, coating materials are more
electrochemically active than protected substrates, meaning they offer sacrificial protection. A recent
technical issue in a coating system is the formation of suitable corrosion products and new phases that are
effective in delaying the coating consumption and reducing the overall corrosion rate [4–6]. Regarding
Al-based coatings for steel sheets, a passive film (Al2O3) forms on the coating surface, providing
superior barrier protection [7–9]. In the case of AlSi-based coatings, the addition of Si decreases the
thickness of the intermetallic phase at the inter-diffusion layer close to the steel substrates [10,11],
which also provide good anti-corrosion performance [12]. On the other hand, Al2O3 films are unstable
when exposed to environments containing chloride ions (Cl−), which can decrease the stability of
the film, leading to a decrease in coating efficiency by localized corrosion [13,14]. To overcome these
drawbacks, other alloying elements, such as Zn and Mg, which can modify the coating potential,
are added to the Al-based coating, so that they can provide a supplementary self-healing effect by
the sacrificial dissolution of alloying elements [4,5]. At the same time, several corrosion products
acting as a protective barrier can be formed on the outer surface [15,16]. Hence, AlSi-based coatings
with Zn and Mg are promising candidates for metallic coatings on hot-stamping steels used for
auto-parts [17]. Recently, Nicard et al. [18] examined the anti-corrosion mechanism of AlSi-based
coatings with Zn (2~30 wt %) and Mg (1~10 wt %). They reported that the addition of Zn and Mg to
AlSi-based coatings increases the corrosion resistance in chloride-containing environments. From a
practical and an industrial point of view, however, lower concentrations of Zn and Mg, which have low
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melting temperatures, are favored to avoid the liquid metal embrittlement (LME) phenomenon [19]
and localized corrosion attack caused by the selective dissolution of these alloying elements [6,20].

Furthermore, considering the applicability of the coating to hot-stamped, high strength steel
sheets used for auto-body parts, an evaluation of the corrosion resistance should proceed after the
electropainting process on the metallic coating. In this regard, this study examined on the corrosion
behaviors not only of AlSi-based metallic coating with 10 wt % Zn and 0.5 wt % Mg (refer to
AlSiZnMg-MC, here-in-after), but also of electropainted AlSiZnMg-MC. Field-emission scanning
electron microscopy (FE-SEM), X-ray diffraction (XRD), X-ray photoelectron spectroscopy (XPS),
and potentiostat measurements were used to analyze the corrosion behaviors of metallic coated steels.
Moreover, an accelerated corrosion test [12] was conducted on electropainted samples that had been
damaged by scratching the coating with an “×” incision, and by colliding the coating surface with
fine stone.

2. Experimental

2.1. Materials and Specimen Preparation

The steel substrate, produced by Hyundai Steel Corp.(Dang Jin, Korea), was classified as 22MnB5
steel with 0.27–0.3 wt % C, 1.3–1.5 wt % Mn, 0.2–0.25 wt % Cr, 0.18–0.2 wt % Si, 0.0025–0.0035 wt %
B, 0.02–0.035 wt % Ti. The S and P contents were kept as low as possible to avoid high-temperature
cracking during the subsequent stamping process. Two types of metallic coated steel were used:
AlSi and AlSi with Zn and Mg (AlSiZnMg) coated steels, which were manufactured using a hot-dip
simulator. For the coating process, two types of molten bath were prepared: Al-Si (7 wt %) and Al-Si
(7 wt %)-Zn (10 wt %)–Mg (0.5 wt %). The substrates were then dipped in each molten bath, and two
types of metallic coating were produced: AlSi-MC and AlSiZnMg-MC, at 50/50 g/m2. For the following
stamping process, the two metallic coated steels were heated to 930 ◦C for 300 s and cooled to room
temperature by die quenching.

Some of the two types of metallic coated steel sample were also coated with electrodeposited (ED)
paint. For this ED coating, the coated steel samples underwent the following processes: degreasing,
surface conditioning, and phosphating in a pretreatment simulator. The ED coating was then conducted
at 300 V for 180 s while the voltage was increased uniformly for 30 s. The ED coated samples were
dried in a circulating oven at 170 ◦C for 20 min. Detailed information on the ED coating process can be
found elsewhere [21].

2.2. Microstructure Examination

The microstructure and composition of the coated steel samples before and after the corrosion
test (potentiostatic (PS) polarization measurement) were examined by FE-SEM and energy dispersive
spectroscopy (EDS). Before the corrosion test, the coated steel samples were cleaned ultrasonically in
ethanol and dried in air. In particular, for the cross-sectional observations, the samples were mounted
with the cut-edge sides facing the surface, and they were polished with a final polishing step of 0.04
μm. After the corrosion test, the sample surface was washed with distilled water and dried in air.
The sample was then stored in a vacuum chamber. The various phases in the coating layers were also
characterized by XRD.

2.3. Depth Profile Analysis

The compositional distributions of the coating layers as a function of depth were examined by
glow discharge spectroscopy (GDS) analysis with a Leco (St. Joseph, MI, USA) GDS-850A spectrometer
using argon plasma equipped with an RF lamp. The diameter of the analysis area in a sampling area of
20 × 20 mm2 was 4 mm.
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2.4. X-ray Photoelectron Spectroscopy Analysis

XPS was used to analyze the chemical state of the corrosion products formed on the metallic-coated
layers after the corrosion test (PS polarization measurement). Prior to analysis, the two types of coated
steel sheets that had been corroded by the polarization test were cut into 7 × 8 mm2 samples and
cleaned using ethanol. XPS (VG Scientific Escalab 250 (Waltham, MA, USA)) was conducted using
mono chromatic Al Kα radiation (1486.7 eV) with a 500 μm diameter spot size. A constant analyzer
energy mode with 200 and 50 eV for the survey and high-resolution spectra, respectively, were used.
Data processing of the spectra was performed using a spectral data processor (SDP) v 3.0 software.
The adventitious C 1s peak at 284.8 eV was used as a reference for charge correction [22].

2.5. Electrochemical Measurements

Potentiodynamic and potentiostatic polarization tests were performed after the open circuit
potential (OCP) evolution measurements for 1 h in a 3.5% NaCl using a GAMRY (Philadelphia, PA,
USA) reference 600. A three-electrode system was used, which consisted of the metallic-coated sample
as the working electrode (tested area of 1 cm2), a platinum grid as the counter electrode, and a saturated
calomel electrode (SCE) as the reference electrode.

For the potentiodynamic polarization scan, the working electrode was polarized from −0.5 V to
0.25 V vs. OCP at a scan rate of 0.16 mV s−1. The corrosion current densities were determined by
curve-fitting using the Wagner-Traud equation (Equation (1)), described below, to the potentiodynamic
polarization curves.

i = icorr

[
exp
(

2.303(E− Ecorr)

βa

)
− exp

(−2.303(E− Ecorr)

βc

)]
(1)

where icorr is the corrosion current density (A/cm2), Ecorr and E represent the corrosion potential (V)
and the measured potential (V), respectively. βa and βc are Tafel slopes (V/decade), and i is the total
corrosion density (A/cm2).

Based on the polarization curves, the applied potentials for the anodic and cathodic polarization
during the potentiostatic polarization measurements were determined to be 50 mV above the OCP and
100 mV below the OCP, respectively. A preliminary test showed that under an applied potential of
100 mV above the OCP in the potentiostatic polarization, the coating dissolution was too severe to
analyze the corrosion behaviors of the coating surface covered with some corrosion products. Therefore,
the anodic potential was set to 50 mV lower than the cathodic potential in the polarization measurements.

Three repetitive tests were conducted for each experiment to ensure reproducibility.

2.6. Cyclic Corrosion Test for ED Coated Samples

To evaluate the corrosion resistance of the ED coated AlSi and AlSiZnMg samples, a VDA (Berlin,
Germany) 233-102 cyclic corrosion test was conducted according to VDA 233-102 [12], which is a
standard for the accelerated corrosion testing of coatings/paintings within the automotive industry.
Before the corrosion test, the samples were cut to a size of 150 × 70 mm, and damaged artificially using
the following two methods. One set of samples was scratched with an “×” incision in reference to
ASTM D-1654 [23], and the other set of samples abraded with a spray of fine stone chips, as reported
elsewhere [24]. Salt spraying with a 1% NaCl solution (pH 6.5) at a rate of 2.0 to 4.0 mL/h was then
conducted on the samples positioned 65◦ to the horizontal in an enclosed chamber. A full test cycle
lasted for seven days, and the multi-step cycles were composed of varying temperatures ranging from
−15 ◦C to 50 ◦C and humidity between 50% and 95%. Further information on test conditions can be
found in VDA 233-102 [12].
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3. Results and Discussion

3.1. Microstructure Characterizations of Metallic Coatings

Figure 1 presents the surface and cross-sectional morphologies and EDS mapping of AlSi-MC
(Figure 1a,b) and AlSiZnMg-MC (Figure 1c,d). EDS mapping showed that the two types of coating were
composed mainly of Al matrix with two (Al,Fe,Si)-rich intermetallic phases. One of the intermetallic
phases formed at the interface between the coating layer and Fe substrate during the hot-dip aluminizing
process. The other phases formed in the coating layer during the austenitizing process. The formation
of the former phase was attributed to the inter-diffusion of Fe atoms from the steel substrate into
the coating and of Al atoms from the coating into the steel substrate [25]. At the same time, Si,
known to be concentrated at the outer surface of the steel substrate [26], was also enriched at the
inter-diffusion layer. According to previous studies [27,28], the composition of the intermetallic
phase is close to τ5 or τ6 shown in the ternary phase diagram of Al-Fe-Si [27,28]. The latter phase
was formed by the diffusion of Fe and Si atoms from the steel substrate into the coating during
austenitizing for the hot-stamping process, as reported elsewhere [29]. A noticeable feature in the
coating morphologies was the presence of micro-cracks and pores. These may be closely associated
with the very high hardness (900~1100 HV0.05) of Al-rich Al-Fe intermetallic compounds, such as
Al13Fe4 and Al5Fe2 [30,31], and the difference in thermal shrinkage among the intermetallic phases
during cooling in the hot-stamping process [32].

 

Figure 1. Surface and cross-sectional observations with eds mappings of (a,b) AlSi-MC and
(c,d) AlSiZnMg-MC.

Although Figure 1 indicated that there were more pores and micro-cracks on the AlSi-MC, the
microscopic observations could not be representative of the entire coating layers. On the other hand,
the composition features were different apparently in that the outer-surface of AlSiZnMg-MC was
covered with a thin (Mg, Zn)—based phase. GDS analysis was conducted for further clarification;
Figure 2 presents the depth profile results. In contrast to the surface of AlSi-MC, consisting only of
a thin Al-based oxide, the Mg and Zn-based oxide may cover the coating layer of AlSiZnMg-MC.
In addition, based on the AlSiZnMg quaternary system [33], Zn-Mg intermetallic phases may exist on
the coating surface of AlSiZnMg. For closer analysis, phase characterization was carried out using
XRD; the results are shown in Figure 3. As expected, one of the major phases in both coating systems
was an Al-Fe intermetallic compound.
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Figure 2. Glow discharge spectroscopy (GDS) depth profile of the coating layers: (a,b) AlSi-MC,
(c,d) AlSiZnMg-MC.

Figure 3. X-ray diffraction patterns of (a) AlSi-MC and (b) AlSiZnMg-MC.

Al-Fe, Fe-Si, and Fe-Al-Si intermetallic phases are generally difficult to distinguish by XRD due
to overlap of the XRD peaks [12]. The phase existing only in AlSiZnMg-MC was MgZn2. The other
possible phases in the sample may be Mg2Si and MgO. However, the initial fraction of Mg (0.5 wt %)
was too low to give prominent peaks of Mg-containing phases in the XRD measurements. Even if some
Mg-containing phases were formed, minor fractions that are below the detection limit of the XRD
instrument, might be present. Instead of Mg-containing phases, some peaks for the Al-Fe intermetallic
phase and Si were detected with low intensity. Considering that the phases, such as MgZn2 and
Mg2Si, have different electrochemical potentials of their own, they can affect the corrosion kinetics and
resulting coating life. From an electrochemistry point of view, the phases of MgZn2 and Mg2Si can act
as an anode from the coating matrix because of their lower corrosion potential (−1538 and−1029 mVSCE,
respectively) [18]. On the other hand, unlike the case of MgZn2, which provides sacrificial protection at
an early stage of corrosion, Mg2Si can form Si clusters after the selective dissolution of Mg, which will
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be cathodic and cause the localized corrosion attack of an Al-based coating layer. [6,20]. This will be
discussed in more detail in the following section.

Another possible phase in AlSiZnMg-MC is MgO, which may be present at the outermost part
of the coating surface. Although MgO with low electrical conductivity [34] could contribute in part
to the suppression of the cathodic reduction reaction during the early corrosion stage, it is generally
non-uniform and, in most cases, increases local corrosion attack. Under this coating composition with a
minor fraction of Mg (0.5 wt %), it is extremely difficult to form a stable and uniform MgO film over the
coating surface. These discussions were based primarily on the theoretical studies reported elsewhere,
and they should be clarified experimentally, which will be discussed in the following section.

3.2. Electrochemical Characterizations

The evolution of the OCP (Figure 4) was measured for 1 h before the electrochemical polarization
tests. The coating potentials of AlSi-MC and AlSiZnMg-MC after 1 h of immersion were approximately
−0.59 VSCE, and −0.62 VSCE, respectively. In contrast to the Al coating covered by a thin Al oxide film
(Al2O3), Zn and Mg, which were enriched at the coating surface, rarely form an oxide/hydroxide film
with a high passivity coefficient in a neutral solution, which could result in a lower corrosion potential.
As mentioned previously, the presence of active phases, such as Mg2Si and MgZn2, can contribute to
the decrease in corrosion potential. On the other hand, the preferential dissolution of Mg from the
active phases can provide sacrificial protection. Previous studies [16,35] have shown that Mg and Zn
cations, which are supplied by the selective dissolution of MgZn2 (reaction (2)), can also lead to rapid
coverage of the coating surface by the precipitation of corrosion products with a protective nature,
such as simonkolleite (Zn5(OH)8Cl2·H2O), which can prevent further corrosion.

MgZn2(s)→Mg2+(aq) + 2Zn2+(aq) + 6e− (2)

Figure 4. Open circuit potential (OCP) evolution measurement of AlSi-MC and AlSiZnMg-MC for 1 h
in a 3.5% NaCl solution [20].

According to a previous study, the selective dissolution of Mg from the Mg2Si phase can provide
cathodic protection. They proposed that the formation of less conductive SiO2 can decrease the galvanic
current between Al/SiO2 according to reaction (3) [18,36]:

Mg2Si(s) + 2H2O(l)→2Mg2+(aq) + SiO2(s) + 4H+(aq) + 8e− (3)

On the other hand, the formation of a stable SiO2 film uniformly formed on the coating surface
cannot be guaranteed. Under this condition, an unstable film may create active local galvanic coupling,
increasing the dissolution of the coating layer.

These beneficial and harmful effects on the corrosion resistance can be examined by polarization
measurements, which are shown in Figure 5; Figure 6. Potentiodynamic and potentiostatic polarizations
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showed that the anodic and cathodic reaction rates of AlSiZnMg-MC were much smaller than those of
AlSi-MC. The corrosion current densities (icorr) determined by curve-fitting with the Wagner–Traud
equation to the polarization curves of AlSiZnMg-MC and AlSi-MC were 3.5 and 8.5 μA cm−2,
respectively. The lower anodic and cathodic current densities of AlSiZnMg-MC suggest that the
liberated Mg2+ and Zn2+ ions, supplied by the selective dissolution of Mg and Zn, provided an
environment for the formation of corrosion products contributing to the effective reduction of the
anodic and cathodic current densities. On the other hand, the polarization curve of AlSiZnMg-MC
has many fluctuations, which may be closely associated with localized corrosion caused by the
non-uniform distribution of MgO or the selective dissolution of Mg from Mg2Si phases in the coating.
This can be supported in part by several local corrosion attacks after the corrosion test, as shown in
Figure 7. From morphological observations before (Figure 1) and after (Figure 7) the corrosion test
(PS polarization), there was little difference except that the outermost surfaces were less uniform after
the corrosion test. Compared to the case of AlSi-MC, the surface morphology of AlSiZnMg-MC after
the corrosion test appeared to be denser (Figure 7c). On the other hand, AlSiZnMg-MC exhibited a
more uneven cross-sectional view, which may be associated with the formation of corrosion products
containing Mg, Zn, and Si, and localized corrosion attacks mentioned previously. Owing to the low
resolution of EDS or GDS, XPS was performed to characterize the corrosion products formed on the
two types of coating after the corrosion test.

Figure 5. Potentiodynamic polarization curves of AlSi-MC and AlSiZnMg-MC, measured after 1 h
immersion in a 3.5% NaCl solution [20].

Figure 6. Potentiostatic polarization curves of AlSi-MC and AlSiZnMg-MC, measured after 1 h
immersion in a 3.5% NaCl solution under (a) anodic (50 mV above OCP), and (b) cathodic (100 mV
below OCP) potentials [20].
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Figure 7. Surface and cross-sectional observations with EDS mappings of (a,b) AlSi-MC and
(c,d) AlSiZnMg-MC after the potentiostatic (PS) test.

3.3. Characterization of the Corrosion Products by XPS

Figure 8 presents the XPS survey spectrum of the surface of AlSi-MC. The spectrum of the
coating surface revealed C 1s, Al 2p, O 1s, and Si 2p primarily. The high-resolution spectra, shown
in Figure 8c–e, indicated that the corrosion products formed on the surface were composed mainly
of Al2O3 with a smaller portion of SiO2. On the other hand, the survey spectrum of the surface on
AlSiZnMg-MC (Figure 9) showed that, in addition to C 1s, Al 2p, O 1s, and Si 2p, Mg 2p and Zn 2p
were observed on the coating surface, and the oxygen intensity was higher. This suggests that Zn and
Mg-based oxide/hydroxide are major components in the coating surface. From the high-resolution
spectra of the surface on AlSiZnMg-MC, as shown in Figure 9c–g, the coating surface was composed of
a wider variety of corrosion products including Al2O3, Mg(OH)2, SiO2, Zn(OH)2, Zn5(OH)8Cl2·H2O,
and Mg-Al layered double hydroxide (LDH) with the general formula, MxAly(A)m(OH)n.zH2O (where
A and M represent an anion and a di-valent cation, respectively) [16,18,37]. As mentioned previously,
the addition of Zn and Mg to the coating can help increase the corrosion resistance in a neutral
aqueous solution, in such a way that several corrosion products with an inhibiting nature are formed
preferentially on the surface at the early stages of corrosion. Among the products, Mg-Al LDH
and Zn5(OH)8Cl2·H2O can act as effective barriers for oxygen diffusion [38,39] and provide superior
corrosion resistance in neutral aqueous solutions [38,39]. On the other hand, the formation or
dissolution of other products can also help increase the corrosion resistance by stabilizing Mg-Al LDH
and Zn5(OH)8Cl2·H2O. First, the formation of Mg-Al LDH, as shown in Figure 9d,f involves reactions
(2), (4), (5), and (6).
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Figure 8. (a) XPS survey spectrum and (b–e) high-resolution spectra of the surface on AlSi-MC after
the PS test.

Oxygen reduction:
O2(g) + 2H2O(l) + 4e−→4OH−(aq) (4)

Dissolution of alumina:

Al2O3(s) + 3H2O(l) + 2OH−(aq)→2Al(OH)4−(aq) (5)

Dissolution of metallic Al:

Al(s) + 4OH−(aq)→Al(OH)4−(aq) + 3e− (6)

Reactions (5) and (6) can occur locally at the cathode area because of the instability of Al/Al2O3 at
alkaline pH [16]. As a result, the formation reaction of LDH can proceed, as described below:

2Al(OH)4−(aq) + 6Mg2+(aq) + 8OH−(aq) + CO3
2−(aq)→Mg6Al2(OH)16CO3(s) (7)

The stability of LDH is dependent on the pH [40,41], and LDH can dissolve under weakly alkaline
condition. On the other hand, the dissolution of LDH can be suppressed by the formation of a thin
Mg(OH)2 layer (reaction (8)), called the skin effect [15,37]:

Mg+(aq) + 2OH−(aq)→Mg(OH)2(s) (8)
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Second, the formation of Zn5(OH)8Cl2·H2O, as shown in Figure 9g, can be described below:

4ZnO(s) + Zn2+(aq) + 5H2O(l) + 2Cl−(aq)→Zn5(OH)8Cl2·H2O(s) (9)

The presence of Mg2+ supplied by reaction (2) can also delay the following reaction, which leads to
slower dissolution kinetics of Zn5(OH)8Cl2·H2O. The formations of Mg-Al LDH and Zn5(OH)8Cl2·H2O
with high stability are the major mechanistic reasons for the higher corrosion resistance of AlSiZnMg in
a neutral environment containing Cl−. Nevertheless, the increased possibility of local corrosion of the
AlSiZnMg sample cannot be excluded. In addition, its superiority and utility as a coated steel should
also be evaluated after the electropainting process, which will be discussed in the following section.

Figure 9. (a) XPS survey spectrum and (b–g) high-resolution spectra of the surface on AlSiZnMg-MC
after PS test.
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3.4. Surface Characteristics after Electropainting

Figure 10 presents the GDS depth profiles of AlSi-MC and AlSiZnMg-MC after the ED coating.
In contrast to AlSi-MC, Zn(Mg)—based oxides were present on the outer surface of the ED-coated
AlSiZnMg-MC. This suggests that the oxides remained on the outer surface, even after surface cleaning
before the ED coating. As mentioned in the previous section, a stable thick MgO film cannot be formed
in a minor fraction of Mg (0.5 wt %) in this coating system. An unstable oxide film on the surface may
have weakened the adhesion between the inner metallic coating/outer ED coating and reduced the
corrosion resistance.

Figure 10. (a) Cross-sectional observation and (b) GDS depth profile of ED-treated AlSiZnMg-MC.

3.5. Corrosion Resistance Evaluations after Electropainting

Figure 11 shows the surface appearance of the ED-treated AlSi-MC (Figure 11a) and AlSiZnMg-MC
(Figure 11b), after the accelerated corrosion test in reference to VDA 233-102 [12]. Considering the
many test results presented above, it was expected that ED-treated AlSiZnMg-MC showed higher
corrosion resistance when evaluated by an accelerated corrosion test. After the ED coating, however,
its higher corrosion resistance was not observed clearly in that the damaged areas and extent of red
rust formation on the scribed regions with an X between the two coated steels sheets became similar
as the number of cycles increased. In addition, the surface morphologies of the two ED-coated steel
samples that had been subjected to stone chipping and a subsequent corrosion test revealed even more
severe surface degradation of ED-coated AlSiZnMg-MC. As shown in Figure 12, the size and number
of surface blisters were larger on the ED-coated AlSiZnMg-MC. These blisters resulted from volumetric
expansion caused by the formation of corrosion products on the steel substrate covered with a metallic
coating layer. This suggests that the corrosive species are more able to permeate through the ED
coating on AlSiZnMg-MC, and the electrochemical corrosion reactions occurred rapidly. The higher
degradation by the corrosion reactions of ED coated AlSiZnMg-MC may be associated closely with
the lower adhesion between the inner metallic coating/outer ED coating. As mentioned previously,
the (Zn, Mg)-based oxide formed on AlSiZnMg can weaken the adhesion between the inner/outer
coating layers, leading to delamination of the outer coating layer when attacked mechanically and
chemically. This is supported by the lower coefficient of friction for the ED coating on AlSiZnMg-MC,
which was measured by surface and interfacial cutting analysis, and was reported elsewhere [21].
Hence, the addition of Zn and Mg to the AlSi-based metallic coating does not always have beneficial
effects on the corrosion resistance when the metallic-coated steels are coated additionally with ED paint.
These results provide useful insights into the development of coated steel sheets used in automotive
industries. Nevertheless, further technical research on optimizing the compositions of Zn and/or
Mg alloying that provides sacrificial corrosion protection to the AlSi coated steel while reducing the
possibility of local corrosion and securing superior corrosion resistance even after additional ED
coating will be needed.
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Figure 11. Surface appearance of electrodeposited (ED)-treated (a) AlSi-MC and (b) AlSiZnMg-MC,
which had been scratched with an “×” incision, after the accelerated corrosion test.

 
Figure 12. Surface appearance of ED-treated (a) AlSi-MC and (b) AlSiZnMg-MC, which had been
collided with fine stone chips, after the accelerated corrosion test.

4. Conclusions

The influence of the combined addition of Mg and Zn on the microstructure and corrosion
resistance of AlSi-based coatings for steel sheets was investigated using a range of analytical and
experimental techniques. In particular, the corrosion resistance was also evaluated after ED coating on
the metallic coated steel sheets. The major findings can be summarized as follows:

1. The two types of AlSi-based coating (AlSi-MC and AlSiZnMg-MC) were composed mainly of an
Al matrix with two (Al,Fe,Si)-rich intermetallic phases. The compositional features were different
in that the intermetallic phases of MgZn2 and Mg2Si existed only in AlSiZnMg-MC covered with
a thin outermost layer of (Zn, Mg)-based oxide.

2. The active phases formed in AlSiZnMg-MC, such as Mg2Si and MgZn2, can decrease the corrosion
potential. The preferential dissolution of Mg and Zn from the active phases can lead to rapid
coverage of the coating surface by the precipitation of corrosion products with a protective nature,
resulting in a much smaller current density for both anodic and cathodic reactions. On the
other hand, the polarization curve of AlSiZnMg-MC showed many fluctuations, which may be
closely associated with localized corrosion caused by the non-uniform distribution of MgO or the
selective dissolution of Mg from Mg2Si phases in the coating.

3. Compared to the case of the AlSi-MC, XPS showed that the surface of AlSiZnMg-MC was
composed of a wider variety of corrosion products, including Al2O3, Mg(OH)2, SiO2, Zn(OH)2,
Zn5(OH)8Cl2·H2O, and Mg-Al LDH. Among the products, the presence of Zn5(OH)8Cl2·H2O
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and Mg-Al LDH, stabilized by Mg(OH)2, is the major mechanistic reason for the higher corrosion
resistance of AlSiZnMg-MC.

4. In contrast to the corrosion resistance of metallic coatings, ED-coated AlSiZnMg-MC exhibited
more severe surface degradation after the accelerated corrosion tests. The non-uniform formation
of Mg-based oxide over the AlSiZnMg-MC can weaken the adhesion between the inner metallic
coating/outer ED coating. Hence, the corrosive species are more able to permeate through the ED
coating on AlSiZnMg-MC, and the electrochemical corrosion reactions occurred rapidly. Therefore,
further optimization of the alloy contents in AlSi-based coatings needs to be investigated.
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Abstract: The MoSi2-ZrB2 coatings were prepared on Nb-Si based alloy by atmospheric plasma
spraying with the spraying power 40, 43 and 45 kW. The effect of spraying power on the microstructure
and oxidation resistance of MoSi2-ZrB2 coating at 1250 ◦C were studied. The results showed that the
main constituent phases of coatings were MoSi2 at all spraying power. The coating became more
compact as the spraying power increased. The coating prepared at 45 kW was dense and uniform,
which exhibited the best oxidation resistance due to the formation of a dense and uniform glass layer
consisting of SiO2 and ZrSiO4.

Keywords: Nb-Si based alloy; MoSi2-ZrB2 coating; atmospheric plasma; oxidation

1. Introduction

Nb-Si based alloys are considered to be one of the most promising high-temperature structural
material, owing to the high melting points (1750 ◦C), medium density and excellent high-temperature
strength [1–7]. However, the high-temperature oxidation resistance of Nb-Si based alloys are poor,
which limits their application [8–10]. Adding elements such as Cr, B, Ta, Ti, Si in Nb-Si based alloys or
preparing coatings on the Nb-Si based alloys can improve the oxidation resistance; however, alloying
would compromise mechanical properties of alloys [11,12]. Therefore, more attention is paid to
preparing coatings on Nb-Si based alloys.

MoSi2 is a promising coating material for Nb-Si based alloy [13–16]. It can produce SiO2 oxide
film with excellent oxidation resistance at high temperatures. Besides, its thermal expansion coefficient
(8.1 × 10−6 ◦C−1) is close to that of Nb-Si based alloys (8.4 × 10−6 ◦C−1) [17]. However, MoSi2 would
suffer pest oxidation at 400–600 ◦C. The addition of B can effectively avoid this disadvantage [18].
The formation of borosilicate glass at high temperatures can effectively protect MoSi2 against pest
oxidation at 400–600 ◦C [18]. Furthermore, borosilicate glass coating has a better self-repair ability
than SiO2 due to its lower viscosity [19–21]. Fu et al. prepared B2O3 modified SiC-MoSi2 coating on
C/C composites by a two-step pack cementation [22]. The coating could protect C/C composites from
oxidation at 1500 ◦C in air for more than 242 h. Pang et al. prepared a Mo-Si-B coating on Nb-Si-based
alloys by spraying Mo first and then co-deposition of Si and B [23]. The mass gain was 0.92 mg/cm2

after oxidation at 1250 ◦C for 100 h. However, stresses caused by CTE mismatch between the MoSi2
coating and silica can produce cracks in the oxide film if they exceed the strength of the SiO2.

Atmospheric plasma spraying has attracted widespread attention due to the advantages such
as high spraying temperature, high deposition efficiency and precise control of the composition and
thickness of the coating [24,25]. Le et al. directly deposited the oxidation-resistant coating MoSi2 on
Nb alloy substrate by supersonic air plasma spraying with pure agglomerated MoSi2 powder [25].
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After oxidation at 1500 ◦C in air for 43 h, it showed excellent oxidation resistance with mass loss of
5.31 mg cm2. Some of the literature has mentioned that the addition of Zr to Mo-Si-B coating could
effectively improve the mechanical properties of MoSi2 at a high temperature. Furthermore, the ZrSiO4

produced by the reaction of dispersive ZrO2 and SiO2 could minimize the CTE difference between
silica and MoSi2, as well as the consumption of SiO2 at a high temperature [26–28]. In this study,
the MoSi2-ZrB2 coatings were prepared on Nb-Si based alloy by the atmospheric plasma spraying
technology. The effects of spraying power on coating structure and the oxidation mechanism of
MoSi2-ZrB2 coating were investigated.

2. Materials and Methods

2.1. Preparation of MoSi2-ZrB2 Coating

Substrates (Nb-15Si-24Ti-13Cr-2Al-2Hf (at.%) were fabricated by non-consumable arc-melting.
The ingots were re-melted and inverted at least four times to guarantee the uniformity of the composition.
Samples with a size of 10 × 10 × 8 mm3 were cut from the ingots. All surfaces were mechanically
ground on wet SiC paper to 800 grit, then cleaned ultrasonically with ethanol and dried at about 80 ◦C
for 1 h. Commercially available MoSi2 with 95 wt.%, ZrB2 with 5 wt.% powders were selected as
raw materials with the purity of 99.9 wt.% and the particle size between 45 and 65 μm. The powders
were ground in a planetary ball mill for 2 h, to ensure their uniformity. The MoSi2-ZrB2 coatings were
prepared by atmospheric plasma spraying, at the power of 40, 43 and 45 kW, respectively. The samples
were designated as mz40, mz43 and mz45, according to the spraying power. The spraying distance was
set as 100 mm. Argon was used as primary gas and carrier gas, and hydrogen was used as secondary
gas. The detailed parameters are listed in Table 1.

Table 1. Detailed parameters of the sprayed MoSi2-ZrB2 coating.

Content Parameters

Spraying power (kW) 40–45
Primary gas Ar (L/min) 58
Carrier gas Ar (L/min) 10
Second gas H2 (L/min) 9

Powder feed rate (g/min) 17
Spraying distance (mm) 100
Nozzle diameter (mm) 5.5

2.2. Isothermal Oxidation

An isothermal oxidation test was carried out in an open tube furnace, in air, at 1250 ◦C. Each sample
was placed in a separate alumina crucible. Samples were taken from the furnace at intervals of 10,
20, 40 and 60 h, and weighed with a crucible, using a precision analytical balance (model CPA225D,
Sartorius, Göttingen, Germany) with an accuracy of 0.00001 g.

2.3. Coating Characterization

Phase composition of the coating and oxidation specimens were analyzed by X-ray diffraction
(XRD, CuKα-radiation, X’Pert Pro, Panalytical, Almelo, Holland) with Cu radiation. Morphology
details and elemental distribution characteristics of the coated specimens were investigated by
scanning electron microscope combined with energy dispersive spectroscopy (EDS) (Sigma 500, Zeiss,
Oberkochen, Germany).
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3. Results

3.1. Microstructure of MoSi2-ZrB2 Coating

Figure 1 shows the XRD patterns of the surface of as-prepared MoSi2-ZrB2 coatings. It could be
seen that the constituent phases of coating at different spraying powers are MoSi2, Mo5Si3, Mo and ZrB2.
In the process of plasma spraying, the temperature of the plasma arc was about 10,000 ◦C [28], which
is much higher than the oxidation temperature of MoSi2. Therefore, the raw materials are oxidized to
form Mo5Si3, SiO2 and Mo according to the Equations (1) and (2) [29–32]. SiO2 is an amorphous phase,
and its amount is relatively small; therefore, no SiO2 phase is detected in XRD patterns.

5MoSi2 + 7O2 →Mo5Si3 + 7SiO2 (1)

MoSi2 + 2O2 →Mo + 2SiO2 (2)

Figure 1. XRD patterns of MoSi2-ZrB2 coatings.

Figure 2 shows the surface morphology of MoSi2-ZrB2 coatings. The surfaces of all spraying
samples are rough. In addition, the molten zone is interwoven with the incompletely molten particles,
which is a typical structure feature of plasma sprayed coatings. In the process of coating preparation,
high-speed particles are heated by plasma flame, and then the molten particles impinge on the substrate
to form a flat structure. The temperature of the plasma arc elevates as the spraying power increases.
Therefore, the full molten area of the mz43 sample is larger than that of the mz40 sample, leading to a
much smoother surface of the mz43 sample. As for the mz45 sample, the completely molten area of the
mz45 sample is the largest (as shown in Figure 2c). Therefore, the mz45 sample shows a more compact
surface as compared with that of the mz40 and mz43 samples.

 

Figure 2. Surface morphology of MoSi2-ZrB2 coatings: (a) mz40, (b) mz43 and (c) mz45.
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Figure 3 shows cross-sectional morphologies of MoSi2-ZrB2 coatings. The mean thickness of the
coatings of the mz40, mz43 and mz45 samples are about 122, 138 and 158 μm, respectively. As shown
in Figure 3, the interface between the coating and the substrate becomes denser and more uniform as
the power increases. For the mz45 sample, the interface is more compact, indicating that the mz45
sample has a better combination of the coating and substrate as compared to that of the mz40 and
mz43 samples. As shown in Table 2, the main constituent phase of the mz45 sample is confirmed to
be MoSi2. The elements mapping, as shown in Figure 4, reveals that the coating mainly consists of
Mo, Si and O. The existence of O element may be induced from the spraying in oxygen atmosphere.
Furthermore, the Vickers hardness of the coating prepared by 40, 43 and 45 Kw are measured to be 850,
924 and 979, respectively. This may be due to the better combination of the substrate and coating as the
increase of the spraying power.

 

Figure 3. Cross-section morphology of MoSi2-ZrB2 coatings: (a) mz40, (b) mz43 and (c) mz45.

Table 2. The EDS results of constituent phase of mz45 sample (at.%).

Elements Mo Si O B

MoSi2 34.29 65.71 0 0

 

Figure 4. Elements mapping for the MoSi2-ZrB2 coating of the mz45 sample.

3.2. High Temperature Oxidation Resistance

Figure 5a shows the weight gain per unit area as a function of the exposure time at 1250 ◦C.
The Nb-Si based alloy suffers serious oxidation with the mass gain of 205.24 mg cm−2 after oxidation
at 1250 ◦C for 60 h and follows a linear oxidation behavior. The mass gains of the mz40, mz43 and
mz45 samples were 11.81, 5.32 and 1.66 mg/cm2, respectively. Therefore, MoSi2-ZrB2 coatings could
effectively improve the oxidation resistance of Nb-Si based alloy. As shown in Figure 5b, the mz40
and mz43 samples follow linear oxidation behavior, and the linear kinetic constants (g2/cm4s) of the
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mz40 and mz43 sample are calculated to be 1.89 × 10−5 and 7.8 × 10−6, respectively, according to
Equation (3) [4], where Δm is the weight change of the sample, A is the surface area and t is the exposure
time. During oxidation, the edges of the coating are the place where stress is easily concentrated,
leading to the failure of the coating. As shown in Figure 5d, the coating edges of the mz40 and mz43
samples have peeled off after oxidation, while the coating edge of mz45 sample is compact. The mz45
sample shows excellent high temperature oxidation resistance and conforms to the parabolic oxidation
behavior. The parabolic kinetic constant (g2/cm4s) of the mz45 sample is calculated to be 1.27 × 10−11

according to Equation (4) [17], where Δm is the weight change of the sample, and A is the surface area
and t is the exposure time.

Δm
A

= klt (3)

(Δm
A

)2
= kpt (4)

Figure 5. (a) Oxidation weight gain curve of Nb-Si based alloy and coatings, (b) oxidation weight gain
curve of coatings, (c) representation of the weight gain versus the square root of time for mz45 oxidized
in air, and (d) the photograph of oxidized samples.

Figure 6 shows the XRD patterns of MoSi2-ZrB2 coatings after oxidation at 1250 ◦C for 60 h.
As shown in Figure 6, the oxidized MoSi2-ZrB2 coatings mainly consist of MoSi2, Mo5Si3, SiO2 and
ZrSiO4. Figure 7 demonstrates the surface morphologies of MoSi2-ZrB2 coatings after oxidation at
1250 ◦C for 60 h. The surface of the mz40 sample is loose and undulate, as shown in Figure 7a. It can
be observed from Figure 7b that the surface of mz43 sample is much denser. As shown in Figure 7c,
the mz45 sample displays a uniform, dense and integrated surface.
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Figure 6. XRD patterns of MoSi2-ZrB2 coatings after oxidation at 1250 ◦C for 60 h.

 

Figure 7. Surface morphology of MoSi2-ZrB2 coatings after oxidation in air at 1250 ◦C for 60 h: (a) mz40,
(b) mz43 and (c) mz45.

Figure 8 shows the cross-sectional morphologies of MoSi2-ZrB2 coatings after oxidation at 1250 ◦C
for 60 h. According to the XRD results and EDS analysis (as listed in Table 3), the coating consists of the
black SiO2, the black-gray MoSi2, the gray-white Mo5Si3 and the white ZrSiO4. Moreover, some cracks
and holes are observed in all coatings, and they are filled with black SiO2 phase. As shown in Figure 5d,
the coating edges of the mz40 and mz43 samples are peeling off during oxidation. Therefore, the edge
of the substrate (Nb-Si based alloy) exposes to the oxygen environment, leading to the worse oxidation
performance of these two samples. Figure 8d shows the microstructure of the failure edge of the mz40
sample after oxidation. The oxides of the edge of mz40 sample are confirmed to be TiNbO4 and SiO2

according to EDS analysis, which is the typical oxides of Nb-Si based alloy at high temperature [17].

Table 3. The EDS results of constituent phase of the oxidized mz45 sample (at.%).

Element Mo Si Zr B Nb O

SiO2 0 38.26 0 0 0 61.74
MoSi2 32.99 67.01 0 0 0 0
Mo5Si3 52.02 35.4 0 2.93 3.08 6.57
ZrSiO4 0 15.01 14.91 0 0 70.08
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Figure 8. Cross-section morphology of MoSi2-ZrB2 coatings after oxidation in air at 1250 ◦C for 60 h:
(a) mz40, (b) mz43, (c) mz45 and (d) the failure edge of the mz40 sample.

4. Discussion

4.1. Effect of Spraying Powder on the Microstructure of Coatings

As shown in Figure 2, the surface of the mz45 sample is more compact due to the completely
molten area of the mz45 sample is the largest. In the process of spraying, the temperature of the plasma
arc elevates as the spraying power increases. The plasma arc of 40 kW possesses a lower temperature.
Therefore, the surface of the mz40 sample is rough consisting of many incompletely molten particles
and holes, which is mainly due to the accumulation of incompletely molten particles and the escape
of gas by-products during the spraying process. In addition, the incompletely molten powders are
difficult to adhere to the substrate surface, which reduces the spraying efficiency, resulting in the
thinnest thickness of the coating.

When the spraying power increases to 43 kW, the increasing temperature increases the melting
ratio of spraying powder. These spraying powders can be riveted together with the substrate when they
hit the surface of the substrate. Thus, the completely molten area increases in this sample. However,
a few holes still exist at the interface between the coating and the substrate, suggesting that the spraying
powders cannot be fully spread at 43 kW. When the power increases to 45 kW, completely molten
particles can be uniformly distributed on the surface of the substrate, and the thickness of the coating
increases. In addition, no obvious cracks and holes were observed at the interface between the coating
and the substrate, indicating the good bonding of the mz45 sample. It could be concluded that the
higher spraying power could produce a much more compact coating.

4.2. Oxidation Mechanism of MoSi2-ZrB2 Coatings

As shown in Figure 8, the oxidized MoSi2-ZrB2 coatings mainly consist of MoSi2, Mo5Si3, SiO2 and
ZrSiO4. The excellent oxidation resistance of the mz45 sample is due to the formation of dense SiO2

glass layer on the surface, leading to a lower diffusion rate of oxygen. The existence of Mo5Si3 phase
is due to the oxidation of MoSi2 phase according to the oxidation reaction (Equation (1)) [30,31];
the formation of SiO2 phase is due to the oxidation of silicides, such as MoSi2 and Mo5Si3 according
to Equations (5) and (6) [30–33]; ZrB2 are oxidized to form ZrO2 and B2O3 according to Equation (7).
The ZrSiO4 phase is the result of reaction between the SiO2 and ZrO2 according to Equation (8). Owing
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to the volatilization of MoO3 and B2O3 at high temperature, the MoO3 phase and B2O3 phase cannot
be observed in the coating. Although the oxidation protective phase SiO2 is formed in the mz40 and
mz43 samples, these two samples exhibit worse oxidation due to the bad combination between coating
and substrate at lower spraying power.

MoSi2 + 7O2 → 2MoO3 + 4SiO2 (5)

2Mo5Si3 + 21O2→10MoO3 + 6SiO2 (6)

ZrB2 + 5O2→2ZrO2 + 2B2O3 (7)

ZrO2 + SiO2 → ZrSiO4 (8)

Moreover, it can be found that ZrSiO4 distributed in the coating, as shown in Figure 8c. Dissolving a
certain amount of zirconium oxide in amorphous silica scale could enhance its oxidation resistance [27].
Zr-based oxides have higher melting temperature, of which ZrO2 is 2715 ◦C, ZrSiO4 is 2550 ◦C,
and pure SiO2 is 1650 ◦C [34–36]. Therefore, the dispersion of ZrSiO4 in SiO2 glass could increase
the melting temperature of the silica. Furthermore, the CTEs of ZrO2 (10.5 × 10−6 ◦C−1) and ZrSiO4

(4.9 × 10−6 ◦C−1) are larger than that of SiO2 (0.55 × 10−6 ◦C−1) [37–40]. Therefore, the formation of
ZrSiO4 could increase the CTE of silica. As a result, the difference of CTE between silica and MoSi2
could minimize, reducing the internal stress of the coating.

In order to explain the oxidation mechanism of MoSi2-ZrB2 coating, the oxidation process is
shown in Figure 9, which is similar to that of MoSi2-based composite coating on Nb alloy at 1500 ◦C [25].
MoSi2 and ZrB2 are oxidized to form SiO2 and ZrO2, respectively. After that, the silica glass covers the
surface of the coating and heals the cracks and holes. As oxidation continued, the ZrSiO4 is produced
by the reaction of dispersive ZrO2 and SiO2, which could minimize the CTE difference between silica
and MoSi2.

Figure 9. Oxidation process of MoSi2-ZrB2 coating at 1250 ◦C in air.

5. Conclusions

The effect of different spraying power on the microstructure and oxidation resistance of the
MoSi2-ZrB2 coatings was investigated.

1. The microstructure of MoSi2-ZrB2 coatings prepared by atmospheric plasma spraying mainly
consisted of MoSi2. The higher spraying power could produce a much more compact coating.

2. The MoSi2-ZrB2 coating prepared under 45 Kw showed the best oxidation resistance with the
mass gain of 1.66 mg cm-2 after oxidation at 1250 ◦C for 60 h. However, the MoSi2-ZrB2 coatings
prepared under 40 and 43 Kw showed worse oxidation resistance, due to the bad combination
between coating and substrate at the lower spraying power.

3. The excellent anti-oxidation protection of mz45 sample was mainly due to the formation of a
silica glass layer, leading to a low diffusion rate of oxygen.
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and editing, L.S. and K.J. All authors have read and agreed to the published version of the manuscript.
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Abstract: The formation of elongated zirconium hydride platelets during corrosion of nuclear fuel
clad is linked to its premature failure due to embrittlement and delayed hydride cracking. Despite
their importance, however, most existing models of hydride nucleation and growth in Zr alloys
are phenomenological and lack sufficient physical detail to become predictive under the variety of
conditions found in nuclear reactors during operation. Moreover, most models ignore the dynamic
nature of clad oxidation, which requires that hydrogen transport and precipitation be considered
in a scenario where the oxide layer is continuously growing at the expense of the metal substrate.
In this paper, we perform simulations of hydride formation in Zr clads with a moving oxide/metal
boundary using a stochastic kinetic diffusion/reaction model parameterized with state-of-the-art
defect and solute energetics. Our model uses the solutions of the hydrogen diffusion problem
across an increasingly-coarse oxide layer to define boundary conditions for the kinetic simulations
of hydrogen penetration, precipitation, and dissolution in the metal clad. Our method captures the
spatial dependence of the problem by discretizing all spatial derivatives using a stochastic finite
difference scheme. Our results include hydride number densities and size distributions along the
radial coordinate of the clad for the first 1.6 h of evolution, providing a quantitative picture of hydride
incipient nucleation and growth under clad service conditions.

Keywords: zirconium corrosion; zircalloy clad; Zr hydride; hydrogen; nuclear reactor

1. Introduction

Corrosion of metallic structural materials is a pervasive phenomenon in industry and
technology [1–4]. In nuclear reactors, understanding the kinetics of corrosion of metallic components is
grand materials science challenge due to the synergistic combination of high temperature, mechanical
stresses, complex coolant and fuel chemistry, and irradiation [5–7]. In light-water nuclear reactors
(LWR) zirconium alloys are used as cladding material in fuel elements to provide mechanical integrity
between the coolant (water) and the fuel while keeping low levels of neutron absorption [8–11]. In
principle, Zr clad is subjected to corrosion from the coolant (water) and fuel sides, both by way of
oxygen and hydrogen penetration. The oxidation and hydrogenation of zirconium fuel components
in LWR may affect reactor safety and efficiency, which makes corrosion a critical design aspect of Zr
materials response in nuclear environments [12–18].

While the majority of the focus of corrosion studies has centered on oxidation and oxygen
transport and chemistry in the clad, in the corresponding temperature range, zirconium is known to
absorb hydrogen and form hydrides once the critical concentration is reached in the interior of the
clad. The accumulation of hydrides during operation plays an important role in fuel performance
and safety during steady-state operation and transients, accident conditions, and temporary and

Materials 2020, 13, 1088; doi:10.3390/ma13051088 www.mdpi.com/journal/materials349



Materials 2020, 13, 1088

permanent fuel storage [19,20]. Examination of the Zr-H phase diagram below 810 K [21–24] indicates
that the first stable compound that appears after the metal solid solution (α-Zr) is a cubic phase with
a nominal stoichiometry of 1:1.5 (atomic) known as δ-hydride. Generally, a range of stoichiometries
between 1.52 and 1.66 is accepted experimentally as corresponding to this phase [25,26]. While the
presence of other metastable hydrides has been reported depending on temperature, aging time, or
alloy composition [27], it is now well accepted that the needle-shaped structures that form in the metal
region beneath the oxide layer are δ-hydride precipitates. Precipitation first starts when the hydrogen
concentration reaches the terminal solubility limit, which ranges from zero at 523 K to approximately
7% at. at 810 K [21]. Although δ Zr2H3 displays good thermo-mechanical stability, it is also an
exceedingly brittle phase [28–31] that can compromise the clad’s mechanical integrity [18,31–33].

A key observation of the hydride microstructure is the elongated shape of the precipitates up to a
few microns in length [34–37], typically aligned along directions consistent with the stress distribution
within the clad. Calculations and experiments point to the large misfit strains between the cubic
δ-hydride and the host α-Zr as the reason behind such preferential alignment [35,38–42], which may
also impact the mechanical response of the clad. Indeed, the formation of brittle hydride phases is
a principal cause of delayed hydride cracking (a subcritical crack growth mechanism facilitated by
precipitation of hydride platelets at the crack tips in Zr clad [19,43–45]).

The phenomenology of corrosion is such that oxidation and hydrogenation are typically treated
separately, despite some evidence suggesting that there might exist synergisms between oxygen and
hydrogen pickup and transport that must be considered jointly in corrosion of Zr [46–50]. This is
partially due to the formation of a clearly distinguishable outer oxide scale and and inner region where
hydride platelets accumulate. In keeping with this distinction, existing models of hydrogen pickup
and precipitation have been developed assuming no cooperative effects from oxygen on hydrogen
transport and reaction [35,51]. Models based on hydrogen supersaturation of the α-Zr metal [52–54]
assume a binary partition of hydrogen in the clad, either as solid solution or as part of precipitates
without specification of their size, number, or orientation. Detailed cluster dynamics (CD) modeling
offers a more accurate alternative to obtain hydride size distributions and number densities by solving
the complete set of differential balance equations with one-dimensional spatial resolution [55,56].
Phase field methods can capture extra detail by furnishing the shape and orientation of hydrides in
addition to concentrations and sizes [27,57,58].

An important aspect often overlooked in the models when studying hydrogen transport and
hydride formation in the clad is that it occurs in a dynamic setting, with the oxide scale growing in
time and hydrogen traversing an increasingly thicker layer before it can reach the interface. This is
rationalized in terms of sluggish H diffusion through the oxide in the relevant temperature range
(<300 ◦C), suggesting that this then would be the rate limiting step [34,36]. This is the accepted picture
during the pre-transition regime, as, after that, fast H transport then occurs through percolated crack
networks formed in the oxide layer [59]. However, there is contradicting evidence in the literature
about this [60,61], and it is not clear what effect a dynamic boundary condition might have on hydrogen
precipitation in the metal substrate at higher temperatures, and what the evolution of the hydride
microstructure will be in those conditions. With the objective of shedding new light on these and other
issues by using new computational and experimental understanding, in this paper, we present an
comprehensive hydrogen transport and precipitation model in Zr formulated from first principles
reaction kinetics and fundamental thermodynamics and mechanics. The model is parameterized using
electronic structure calculations and experiments and captures both transport across the oxide layer
growth and precipitation in the clad under dynamic hydrogen concentration profiles at the oxide/metal
interface. First, we describe the fundamental chemistry and phenomenology of the hydrogen evolution
in the clad followed by a mathematical formulation of the model. We then provide numerical results
under a number of conditions relevant to LWR operation. We finalize with a discussion of the results
and the implications of our modeling approach for zircalloy behavior.
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2. Chemical Reaction Kinetics Model

2.1. Zr-Clad Hydrogen Chemistry

The formation of hydrides in the clad is predicated on exposure of its outer surface to bi-molecular
hydrogen. This can occur as a consequence of exposure to water or steam, from the reduction of water
molecules as:

2HO2 + 4e− → 2O2− + 2H2 (1)

or directly from exposure to hydrogen gas. It is well known that only a fraction of the hydrogen
produced in this way is absorbed by the clad, ranging between 5 and 20% of the total hydrogen
uptake (the total amount of hydrogen obtained stoichiometrically from reaction (1) [35,50,62–64]. This,
known as the pickup fraction, sets the boundary condition for the adsorption of hydrogen at the clad’s
surface. Adsorbed H2 molecules can split into atomic hydrogen by a number of processes [65,66],
although whether this atomic H appears in a neutral or charged state in the metal is still an issue
under debate [61,65]. Hydrogen atoms diffuse through the oxide layer and reach the oxide/metal
interface, from which they can enter the α-Zr substrate and undergo a number of processes depending
on temperature and concentration. Above the terminal solubility limit, hydrogen and zirconium react
to form a hydride:

Zr + xH → ZrHx (2)

where x is the atomic hydrogen concentration.
By way of illustration, Figure 1 shows representative hydridized microstructures in Zirc-4

and Zirconioum.

(a) (b)

Figure 1. (a) Optical micrographs of hydride morphologies in Zircaloy-4. ‘TD’ and ‘RD’ indicate
the tangential and radial directions in the clad (from Ref. [67], reproduced with permission of the
International Union of Crystallography). (b) Electron micrograph detail of a needle-like Zr hydride
(reproduced with permission from Ref. [68]).

In view of this picture, and to be consistent with our recent work on oxide layer growth
modeling [69], we split our model into two connected elements: (i) a transport part involving H
diffusion through an evolving oxide layer, and (ii) a kinetic model of hydride formation and growth
in the metal with a dynamic boundary condition set by the first part (i). Figure 2 shows a schematic
diagram of the geometry considered for this study and the principal chemical processes taking place
in the material. Although it is well known that the Zr oxide layer is not monolithic, containing various
Zr-O phases depending on the external conditions and alloy composition [69–72], here we consider
a single phase (monoclinic) ZrO2 with thickness defined by the variable s(t). Hydrogen’s diffusion
through this layer is thought to occur mostly along grain boundaries, in microstructures ranging from
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columnar in out-of-pile [71] tests to roughly equiaxed for in-pile conditions [70]. This phenomenon
takes place during the pre-transition regime, before the oxide layer cracks and/or develops porosity
due to Pilling-Bedworth stresses developed during the metal-to-oxide transformation [73,74]. Once
cracking occurs, new diffusion avenues open up for hydrogen to reach the interface and diffusion is no
longer seen as a rate limiting step. Our model applies only up to this transition point but not beyond.

H2O → O2− + 2H+ Water

Zr-H solid solution

Zr hydrides

Zr + xH → ZrHx

1<x<2

Zr-O suboxides

monoclinic ZrO2

x s

L

O2− H+ (H2)O2−

VO
ZrO2 e−

Zr → Zr4+ + 4e−

Figure 2. Schematic diagram (not to scale) of the geometry considered for the hydrogen penetration
and hydride model developed in this work. x is the depth variable, s is the thickness of the oxide scale,
and L is the total thickness of the clad. The chemical processes occurring at each interface are shown
for reference.

2.2. Diffusion Model of Hydrogen in ZrO2

The goal of this part of the model is to determine the hydrogen concentration at the metal/oxide
interface as a function of time. For this, a generalized drift-diffusion equation is solved:

∂cH

∂t
= ∇ (DH∇cH)− UHDH

kT2 ∇ci∇T +
qDH

kT
∇ (cH∇φ) (3)

This equation includes the following contributions:

• The first term is standard Fickian diffusion in the presence of a concentration gradient.
• The second term is the so-called thermo-migration contribution, which depends on the temperature

gradient and where UH is the activation energy for diffusion. The convention is for interstitial
solutes to move in the direction opposing the gradient, i.e., a ‘negative’ drift contribution in
the equation.

• The third term represents electro-migration, where q is the charge of the diffusing species (+1 for
protons), and φ is the electrical potential, which can be determined by solving Poisson’s equation:

∇2φ = −ρ

ε
(4)

where ρ is the charge density and ε is the dielectric permittivity.

Consistent with our previous work [69] and other studies [61], we assume the existence of a charge
gradient across the oxide layer that originates from the onset of an electron density profile [75]. As well,
in this work we consider autoclave conditions and thus neglect the thermomigration contribution.
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Equation (3) is solved in one dimension (x) using the finite difference model with the following
dynamic boundary conditions:

cH(x, 0) = 0

JH(0, t) = DH
∂cH(0, t)

∂x
= 2 fHC0

∂s
∂t

where C0 is the amount of oxygen (per unit volume) absorbed into the clad to form Zr oxide.The first
condition trivially states that the hydrogen content in the clad at the beginning of time is equal to zero,
while the second one prescribes the flux of hydrogen at the water/oxide interface. This condition
is time-varying as indicated by the growth rate of the oxide layer, ṡ. As well, it depends on the H
pickup fraction, fH, which albeit may also be time dependent [62,64], we fix at 15% for the remainder
of this work. The factor of ‘2’ represents the fact that there are two atoms of hydrogen per oxygen atom
available to penetrate the clad. Under homogeneous oxide formation conditions, C0 ≈ 2ρZr, with ρZr

the Zr atomic density.
Expressions for s(t) have been provided in our previous study for a number of nuclear-grade Zr

alloys [69]. In general, s(t) = atn such that the growth rate can be directly expressed as

∂s
∂t

= antn−1 (5)

a values range between 0.33 (pure Zr) and 0.37 (Zirc-4), while n = 0.34 in both cases. These values
give s in microns when t is entered in days. With this, ṡ ≈ 0.11t−0.66 (microns per day).

2.3. Stochastic Cluster Dynamics Model with Spatial Resolution

Here we use the stochastic cluster dynamics method (SCD) [76] to perform all simulations. SCD is
a stochastic variant of the mean-field rate theory technique, alternative to the standard implementations
based on ordinary differential equation (ODE) systems, that eliminates the need to solve exceedingly
large sets of ODEs and relies instead on sparse stochastic sampling from the underlying kinetic master
equation [76]. Rather than dealing with continuously varying defect concentrations Ci in an infinite
volume, SCD evolves an integer-valued defect population Ni in a finite material volume V, thus
limiting the number of ‘active’ ODEs at any given moment. Mathematically, SCD recasts the standard
ODE system:

dCi
dt

= gi − ∑
i

sijCi + ∑
i

sjiCj − ∑
i,j

kijCjCi + ∑
j,k

kjkCiCk (6)

into stochastic equations of the form:

dNi
dt

= g̃i − ∑
i

s̃ijNi + ∑
i

s̃ji Nj − ∑
i,j

k̃ijNjNi + ∑
j,k

k̃jk Ni Nk (7)

The set {g̃, s̃, k̃} represents the reaction rates of 0th (insertion), 1st (thermal dissociation, annihilation
at sinks), and 2nd (binary reactions) order kinetic processes taking place inside V, and is obtained
directly from the standard coefficients {g, s, k} as:

g̃ ≡ gV, s̃ ≡ s, k̃ ≡ kV−1

The value of V chosen must satisfy
V

1
3 > �
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where � is the maximum diffusion length li of any species i in the system, defined as:

� = max
i

{li} (8)

li =

√
Di
Ri

(9)

Here, Di and Ri are the diffusivity and the lifetime of a mobile species within V. The above expression
is akin to the stability criterion in explicit finite difference models. From Equation (7), Ri = s̃ + ∑j k̃ijNj.
The system of Equation (7) is then solved using the kinetic Monte Carlo (residence-time) algorithm by
sampling from the set {g̃, s̃, k̃} with the correct probability and executing the selected events. Details
of the microstructure such as dislocation densities and grain size are captured within SCD in the
mean-field sense, i.e., in the form of effective sink strengths for hydrogen atoms. For example, the
value of sij in Equation (6) for dislocation and grain boundary defect sinks is:

sij = sd + sgb = ρ +
6
√

ρ

d
(10)

where ρ is the dislocation density and d is the grain size.
SCD has been applied in a variety of scenarios not involving concentration

gradients [76,77]. The SCD code has been developed in house and is available at:
http://jmarian.bol.ucla.edu/packages/packages.html. However, Equation (6) must be expanded into
a transport equation (i.e., a partial differential equation, or PDE) by adding a Fickian term of the type:

dCi
dt

= ∇ (Di · ∇Ci) + f (t; C1, C2, C3 . . .) (11)

where Di is the diffusivity of species i, and f (t; C1, C2, C3 . . .) is used for simplicity to represent all of
the terms in the r.h.s. of Equation (6). To cast Equation (11) into a stochastic form, the transport term
must be converted to a reaction rate in the finite volume V. As several authors have shown, this can be
readily done by applying the divergence theorem and approximating the gradient term in terms of
the numbers of species in neighboring elements [78,79]. For a one-dimensional geometry such as that
schematically shown in Figure 3, the Fickian term simply reduces to:

Di
Nα

i − Nβ
i

l2

where Greek superindices refer to neighboring elements, i is the cluster species, and l is the element
size. When summed over all neighboring elements, this term then represents the rate of migration
of species i from volume element α to β, which can be now added to the r.h.s. of Equation (7) and
sampled stochastically as any other event using the residence-time algorithm.

α− 3

Nα−3
i

α− 2

Nα−2
i

α− 1

Nα−1
i

α

Nα
i

α + 1

Nα+1
i

α + 2

Nα+2
i

α + 3

Nα+3
i

l

Figure 3. Schematic diagram of two volume elements of a 1D space discretization used to calculate
spatial gradients within the stochastic cluster dynamics method (SCD). The superindex α refers to the
physical element, while the subindex i refers to the cluster species.
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The full stochastic PDE system, written for a generic species i in volume element α, takes then the
following form:

dNα
i

dt
= Di ∑

β

Nα
i − Nβ

i
l2 + g̃i − ∑

i
s̃ijNα

i + ∑
i

s̃ji Nα
j − ∑

i,j
k̃ijNα

j Nα
i + ∑

j,k
k̃jk Nα

i Nα
k (12)

Further, the model assumes the following:

(i) The only mobile species considered are hydrogen atoms.
(ii) The source term g̃i only applies to element 0 (oxide/metal boundary) and is calculated from the

hydrogen arrival flux calculated from the model in Section 2.2.
(iii) The only processes considered in the metal are:

(a) H diffusion
(b) Immobilization of H atoms through formation of Zr2H3 molecules (equivalent to

nucleation of hydride platelets).
(c) Growth of Zr2H3 clusters.
(d) Thermal dissolution of Zr2H3 clusters.

Next, we provide suitable expressions for each of the kinetic processes just listed.

2.3.1. H Atom Diffusion

The hydrogen diffusivity in both the oxide and the metal is assumed to follow an Arrhenius
temperature dependence:

Dα
H(T) = Dα

0 exp
{(

− eα
m

kT

)}
(13)

where D0 is the exponential pre-factor, em is the migration energy, k is Boltzmann’s constant, and the
superscript α can refer to the oxide (‘ox’) or the metal (‘m’). The diffusivity of H in Zircaloy-4 oxides
has been recently measured by Tupin et al. [80], which give values of 2.5 × 10−14 m·s−1 and 0.41 eV for
Dox

0 and eox
m , respectively. Alloy composition, however, has been shown to have a significant impact on

diffusion parameters. For example, values of eox
m = 0.55 and 1.0 eV have been reported for Zr-2.5%Nb

and pure Zr, respectively, with D0 numbers in as high as 1.1 × 10−12 m·s−1 [81,82]. Here, we use the
parameters for Zirc-4 given by Tupin et al.

Similarly, the only mobile species in the metal is monoatomic hydrogen. The most widely used
parameters for hydrogen diffusion in metal Zr, and Zircaloy-2 and -4 (Di in Equation (12)) are those
by Kearns [83] in the 200–700 ◦C temperature range, with values of Dm

0 = 7.90 × 10−7 m·s−1 and
em

m = 0.46 eV. Earlier literature on these measurements [25,84,85] reveals pre-factors ranging from
7.00 × 10−8 to 4.15 × 10−7 m·s−1 and migration energies between 0.3 and 0.5 eV, all in a similar
temperature range. More recent experiments and molecular dynamics simulations are also consistent
with these values [86,87].

The values chosen here for each case (diffusion in the oxide and in the metal) are given un Table 1.

2.3.2. Nucleation of Zr2H3 Hydride

As shown in Figure 2, once hydrogen penetrates into the metal clad, the hydration reaction
Zr + xH → ZrHx starts occurring. Although the formation of the δ-hydride is seen for a range of x
values, here we assume a perfect stoichiometry of x=1.5. Consequently, the governing equilibrium
constant for the reaction can be expressed as:

Kδ =
[ZrH1.5]

[Zr] [H]1.5
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However, it is more convenient to use an expression that is linear in the hydrogen concentration. From
this, one can write the reaction rate as:

kδ = 4π (rH + rZr)

(
V− 1

3 ρ
2
3
Zr

)
DHNH p(x) exp

(
−ΔEδ

kT

)
(14)

which is simply a coagulation rate for two species –H and Zr– in the proportions indicated by the
exponents of ρZr and NH. ΔEδ is the formation energy of a molecule of δ hydride (≈ 0.52 eV at 350 ◦C
according to Blomqvist et al. [88]) and p(x) represents the thermodynamic probability for this reaction
to occur, which can be directly extracted from the Zr-H phase diagram using the lever rule:

p(x) =
x − xTTS

xδ − xTTS
(15)

where xTTS is the terminal thermal solubility at the temperature of interest, and xδ is the phase boundary.
A phase diagram of the Zr-H system in the temperature and concentration region relevant to the
present study is shown in Figure 4. By way of example, at 660 K (horizontal dashed line in the figure)
xTTS is approximately 1.6% at. and xδ≈60.0% at.

Figure 4. Phase diagram of the Zr-H system in the temperature and concentration region relevant to
the present study (adapted from several sources [21,89,90]).

Equation (15) ensures that p(xTTS) = 0 and p(xδ) = 1, i.e. the nucleation probability is zero at
the phase boundary between the (α) and (α + δ) regions, and unity at the (α + δ) and (δ) boundary.
This simple factor captures the thermodynamic propensity for the hydride reaction to take place, and
thus ties the thermodynamics and kinetics of hydration together. rH and rZr in Equation (14) are the
interaction radii of H and Zr, respectively, their values given in Table 2. In the SCD calculations, the
atomic fraction x is simply defined at any instant in time as:

x =
NH

NH + ρZrV

2.3.3. Growth of Zr2H3 Hydride

Once hydride nuclei appear in the clad, their growth is treated as a standard coagulation process
in 3D with rate constant:

kn = 4πV−1 (rH + rδ(n)) DHNHN(Zr0.66nHn) exp
(
−ΔEδ

kT

)
(16)
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where rδ is the interaction radius of the hydride clusters, and N(Zr0.66nHn) is the concentration of a
hydride cluster containing n H atoms (which implies having 0.66n Zr atoms). It is assumed that
hydride clusters are immobile. In accordance with previous works, hydrides grow as circular platelets
whose size is directly related to the number of hydrogen monomers contained in it [56]:

rδ(n) =

√
nΩH

πd

with ΩH and d the formation volume of hydrogen and the thickness of the platelet, respectively. As
given in Table 2, here we use ΩH = 2.8 × 10−3 nm3 per atom [91], and d ≈ 0.28 nm [37].

The growth of hydride platelets is known to be highly directional, and influenced by stress and
microstructure. Typically hydrides align themselves along the direction of the dominant axial stress
components and grow preferentially in-plane on grain boundaries [27,36,37,53]. These details are not
captured in our model at present.

2.3.4. Dissolution of Zr2H3 Hydride

The last process considered in our model is the thermal dissolution of the hydrides, as Figure 4
shows, strictly speaking, hydrides are stable up to 550 ◦C (eutectoid temperature), although there
is ample evidence of their decomposition at much lower temperatures, as well as the observation
of thermal hysteresis during heating/cooling cycles [37,92–94]. The dissociation rate is a first-order
process that can be expressed as:

sn = 4πrδ(n)DHN(Zr0.66nHn) exp
{(

− eb(n)
kT

)}
(17)

where eb is the binding energy between a H monomer and a cluster containing n hydrogen atoms.
Here, we assume a capillary approximation for eb [55,56]:

eb(n) = es − 0.44
[
n

2
3 − (n − 1)

2
3

]
with es being the heat of solution of H in the α-Zr matrix. This parameter has been found
to be approximately 0.45 eV in electronic structure calculations [95,96], compared to 0.66 eV in
experiments [97].

2.3.5. Metal/oxide Interface Motion

Finally, the motion of the interface must also be considered as a viable stochastic event. To turn
the interface velocity, Equation (5), into an event rate, ri, one simply normalizes it by the interface
thickness, s.

ri =

(
1
s

)
ds
dt

=
antn−1

atn =
n
t

which results in the following expression for ri:

ri = 0.34t−1 (18)

This is added to the event catalog and sampled with the corresponding probability as given by
Equation (18). As the equation shows, this is a time-dependent rate that reflects the nonlinear growth
of the oxide layer with time. In the context of the SCD model, it implies that the one-dimensional mesh
shown in Figure 3 must be dynamically updated with time because the physical dimensions of the
simulation domain are dynamically changed. To our knowledge, this has not been attempted in any
prior models of hydride formation and buildup.
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2.4. Parameterization, Physical Dimensions, and Boundary Conditions

All the material constants used in the present model are given in Tables 1 and 2. External
parameters representing the geometry and the boundary conditions are given in Table 3.

Table 1. Zr-H energetics used in the model with the respective source.

Parameter Unit Symbol Value Source

Hydrogen diffusivity prefactor in Zr oxide m·s−1 Dox
H 2.50 × 10−14 [80]

Hydrogen migration energy in Zr oxide eV eox
m 0.41 [80]

Hydrogen diffusivity prefactor in Zr metal m·s−1 Dm
H 7.90 × 10−7 [83]

Hydrogen migration energy in Zr metal eV em
m 0.46 [83]

δ-hydride formation energy eV ΔEδ 0.88 [88]
H solution energy in Zr metal eV es 0.66 [97]

Table 2. Physical constants for the Zr-H system employed here. In actuality, the interaction radii of
Zr and H atoms are extended by a distance equal to the Burgers vector 〈a〉 in α-Zr, which is equal to
3.23 Å.

Physical Constant Symbol Unit Value Source

Zr atomic density ρZr m−3 4.31 × 1028 -
H-atom interaction radius rH Å 0.31 [98]
Zr-atom interaction radius rZr Å 1.75 [98]
H-atom formation volume ΩH nm3 per atom 2.8 × 10−3 [91]

δ-hydride platelet thickness d nm 0.28 [37]

Table 3. Numerical parameters used in the model.

f H xTTS [%] xδ [%] T [K] V
[
m-3
]

l [nm] L [nm]

0.15 1.6 59.5 660 10−18 100 900

3. Results

The first two figures show results intended to set the stage for the SCD calculations.
We begin with the time evolution of the hydrogen concentration at the oxide/metal interface. This

results from solving the diffusion equation in the the oxide layer subjected to a moving boundary as
explained in Section 2.2. Figure 5 shows the buildup of hydrogen up to the first 580 h. This represents a
dynamic Dirichlet boundary condition for the spatially-resolved SCD calculations of hydride nucleation
and growth in the metal substrate (g̃ term in Equation (12)). Second, we track the sampling rate ri
defined in Section 2.3.5 to confirm that it matches Equation (18). Figure 6 shows a comparison between
both, indeed demonstrating their equivalency and confirming the correctness of its implementation in
the code. The effect of this interface motion is that, over the course of the time scale covered in the
SCD simulations, the oxide layer effectively sweeps over the first mesh element of the metal depth
profile (recall that we assume that such sweep results in dissolution of the hydrides existing within
that element at that point, and re-solution of the immobilized hydrogen in the metal). In practice, this
allows us to subsequently discard the first spatial element of the 1D mesh. That is the reason why in
the figures shown next the spatial range shown spans 800 (as opposed to the original 900) nm.
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Figure 5. Evolution with time of the hydrogen concentration at the oxide/metal interface. This
represents the boundary condition for the spatially-resolved SCD calculations of hydride nucleation
and buildup.

Figure 6. Comparison between the predictions of ri and Equation (18) of the position of the oxide/metal
interface as a function of time. We track the interface position only after the concentration of hydrogen
has reached the solubility limit.

Next, we study the generation of hydride molecules in the metal layer as a function of time and
depth. The results are shown in Figure 7a, which shows a histogram with the concentration of hydride
molecules at several instants in time for each of the mesh elements of the metal region. As discussed in
Section 2.3.2, the probability that a new hydride molecule will form depends primarily on the relative
H concentration at the interface and the heat of formation of δ-hydride. With a probability per unit
time kδ (Equation (14)), freely-diffusing H atoms are immobilized to form Zr2/3H molecules that act as
incipient hydride nuclei. The concentrations of such nuclei are strongly depth-dependent, as shown in
the figure, ranging over two orders of magnitude over the entire specimen thickness L of 900 nm. As
well, the nucleation rate, i.e., the derivative of the evolution curves shown in Figure 7b (which display
the same data as Figure 7a but plotted as a function of time), can be seen to decrease gradually in time
across the entire depth profile.
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(a) (b)

Figure 7. (a) Concentration of incipient hydride nuclei in the metal layer as a function of depth
for several time snapshots. (b) Hydride concentration buildup as a function of time for each depth
element. Each curve is colored according to the key at the top of the figure (element 1 is closest to the
oxide/metal interface). Per Table 3, each element is 100-nm thick.

Subsequent growth of these embryos occurs at a rate given by the combination of the rates of
H-atom absorption (Equation (16)) and dissolution (Equation (17)), i.e., (kn − sn), as shown in Figure 8.
Rapid net growth is seen in the initial stages of hydridization close to the oxide/metal interface.
However, these rates gradually abate both in time and with increasing depth until almost no net
growth is observed, particularly at depths greater than 700 nm after 1.4 h of evolution.

The resulting hydride concentrations across the 900-nm metal layer at the end of the simulated
time can be found in Figure 9a. As the graph indicates, the hydride number densities suffer almost a
100-fold decrease through the metal layer studied. In relative terms, these are large concentrations of
small clusters, so it is to be expected that further time evolution of the hydride subpopulations will
be dominated by growth, perhaps by way of some type of coarsening or ripening mechanism. The
associated size distributions of the hydride clusters are shown in Figure 9b, where both the average
and maximum cluster sizes are shown. We emphasize that, during the incipient nucleation of the
hydrides, they grow as circular discs, and so the sizes simulated (≈ 50 nm or less), correspond to the
regime prior to the acicular growth of the hydrides.
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Figure 8. Growth rate of hydride clusters in the metal layer as a function of time and depth.

(a) (b)

Figure 9. (a) Concentration profile and (b) size distributions of the hydride cluster population after
1.53 h of simulated evolution.
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4. Discussion

Several of the most important features of the model presented here are: (i) consideration of a
moving interface representing the growth of the oxide scale during operation in corrosive conditions;
(ii) using a hydride nucleation criterion that is consistent with the thermodynamics of the Zr-H system;
(iii) using a mean-field growth/dissolution model that respects; (iv) a completely physics-based
parameterization based on calculated atomistic data. Some of these features were part of a comparable
study [56], to which new ones have been added and existing ones augmented. All these features
combined are the basis of a model that has been developed as an attempt to break the phenomenological
vicious cycle in which models of materials degradation in nuclear environments are often found.

To study the nucleation of the hydride clusters, our method samples discrete kinetic processes
defined by the corresponding energetics and thermodynamics. For example, hydride nucleation
is simulated by considering the interplay between (i) aggregation, (ii) growth, and (iii) dissolution
processes, which together determine the net nucleation and growth rates. Processes (i), (ii), and (iii)
are embodied in Equations (14), (16) and (17), respectively. Each one of these processes is treated as a
stochastic event sampled with the probabilities given by each respective rate. If the conditions are such
that dissolution would dominate over nucleation, the clusters would never form. If growth dominates
over nucleation, the clusters would grow bigger, etc. All the energetics are given by the parameters in
each of those equations.

As is often the case, the price paid for an increased physical fidelity in the simulations is
computational efficiency. For this reason, our simulations can only extend to times of several thousand
seconds (<2 h), which is of course only representative of the initial stages of hydridation in Zr clad
(and, of course, part of the pre-transition corrosion regime)). In these relatively short time scales (which
are still orders of magnitude higher than what direct atomistic methods can cover), one can only claim
to faithfully study the incipient nucleation phase of the hydride microstructure. In this sense, our
results do not include important features of the Zr hydride particles such as their elongated shape
and/or their orientation. Excellent recent examples of experimental characterization displaying all
of these structure complexities exist now in the literature [99–101]. They can act, however, as a good
springboard from which to connect to other methods such as phase field simulations [27,102,103],
or orientation-dependent precipitation models [104,105]. Therefore, it is reasonable to assume that
the time scale of the next phase of hydride formation/growth kinetics would be one dominated
by coarsening/ripening, where population densities suffer a gradual decline at the expense of an
increased average precipitate size. Thus, it is important to emphasize this aspect of the work: our results
correspond to the incipient hydride nucleation and growth phase, before steady state populations are
established. Steady state sizes and concentrations in corroded Zr specimens range from 100 nm to 1
μm [101] and ∼1024 m−3. On this aspect, it is also difficult to reconcile calculated H-atom diffusivities
in the clad with almost cross-clad uniform hydride distributions observed experimentally [106].
Calculated migration energies suggest a much more sluggish diffusion in the metal, and screening of
the clad interior by hydrides formed near the oxide metal interface, as seen in this study, compared
to experimental results. While validation on the time and length scales covered in this work is
always difficult, it is encouraging to see reasonable qualitative agreement with experimental studies,
e.g., hydride precipitation completion fractions in ref. [36] (Figure 3) vs. Figure 7b in this paper. As
well, our predictions for the size (long axis) of the precipitates in Figure 9b are in good agreement with
in situ SEM observations [107].

As reviewed in the Introduction section, the formation of Zr hydrides in the metal clad is
considered to be highly detrimental to reactor performance due to their embrittling effect. However,
the high thermal stability of these hydride phases also makes them a matter of concern for reactor
safety due to the potential for hydrogen storage and release during loss-of-coolant conditions and core
meltdown. Palliative measures such as increasing the enthalpy of formation of δ-ZrH by microstructure
tailoring [108], or by hindering H diffusion in Zr oxide by selective alloying in the clad [109,110], have
been proposed for future candidate materials in novel nuclear fuel designs.
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5. Conclusions

We end this paper with a list of the most important conclusions:

• We have developed a spatially-resolved kinetic model of hydrogen transport/accumulation
in Zr-metal clad. The model includes state-of-the-art hydride energetics data from atomistic
calculations and is formulated as a stochastic version of the cluster dynamics method. Notably,
boundary conditions are dynamically updated in time during the simulations, by accounting for
oxide/metal interface motion due to the time-dependent growth of the oxide scale.

• In doing so, our model is consistent with the oxidation in the clad, as well as with the equilibrium
thermodynamics of the Zr-H system.

• As most cluster dynamics models based on mean-field rate theory, our model does not
capture the orientation dependence of elongated hydride platelets observed experimentally,
and microstructural information such as grain sizes and dislocation densities is included only
in an effective way. As such, our results are representative of the ‘average’ structure along the
depth direction.

• Our results show that high concentrations of small hydride nuclei form across the entire metal
clad. This results in a very fine microstructure that sets the stage for the next kinetic phase, likely
to be one of ripening and coarsening.

• Gaps in our knowledge identified in this work include, among others: (i) how to model the
H dissolved from hydrides swept by the growing oxide layer, (ii) how to reconcile existing
H-atom diffusion energies with almost cross-clad uniform hydride distributions, and (iii) the
reasons for the acicular (or capsular) growth of the precipitates are still not clear and, while such
geometries can be adopted in the models, a physical approach that yields these geometric features
is still lacking.
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2 BGH Polska Sp. z o.o., ul. Żelazna 9, 40-851 Katowice, Poland; adrian.moscicki@bgh.pl
3 Faculty of Advanced Technology and Chemistry, Military University of Technology, Gen. S. Kaliskiego 2,

00-908 Warsaw, Poland
* Correspondence: maria.sozanska@polsl.pl (M.S.); tomasz.czujko@wat.edu.pl (T.C.)

Received: 23 October 2019; Accepted: 3 December 2019; Published: 9 December 2019

Abstract: In this work an assessment of the susceptibility of the AE44 magnesium alloy to stress
corrosion cracking in a 0.1M Na2SO4 environment is presented. The basic assumed criterion
for assessing the alloy behavior under complex mechanical and corrosive loads is deterioration
in mechanical properties (elongation, reduction in area, tensile strength and time to failure).
The AE44 magnesium alloy was subjected to the slow strain rate test (SSR) in air and in a corrosive
environment under open circuit potential (OCP) conditions. In each variant, the content of hydrogen
in the alloy was determined. The obtained fractures were subjected to a quantitative evaluation by
original fractography methods. It was found that under stress corrosion cracking (SCC) conditions
and in the presence of hydrogen the mechanical properties of AE44 deteriorated. The change
in the mechanical properties under SCC conditions in a corrosive environment was accompanied
by the presence of numerous cracks, both on fracture surfaces and in the alloy microstructure.
The developed method for the quantitative evaluation of cracks on the fracture surface turned out to
be a more sensitive method, enabling the assessment of the susceptibility of AE44 under complex
mechanical and corrosive loads in comparison with deterioration in mechanical properties. Mechanical
tests showed a decrease in properties after SSRT tests in corrosive environments (UTS ≈ 153 MPa,
ε = 11.2%, Z = 4.0%) compared to the properties after air tests (UTS ≈ 166 MPa, ε = 11.9%, Z = 7.8%)
but it was not as visible as the results of quantitative assessment of cracks at fractures (number
of cracks, length of cracks): after tests in corrosive environment (900; 21.3 μm), after tests in air
(141; 34.5 μm). These results indicate that the proposed new proprietary test methodology can be
used to quantify the SSC phenomenon in cases of slight changes in mechanical properties after SSRT
tests in a corrosive environment in relation to the test results in air.

Keywords: magnesium alloy; stress corrosion cracking; hydrogen; fractography methods

1. Introduction

Magnesium-based casting alloys, with their low density and good technological (workability,
castability, machinability, and full recyclability) and mechanical properties (considerable specific
rigidity and specific strength), are a very attractive construction material in those industries where it is
important to reduce the mass of a structure and at the same time retain its mechanical properties [1,2].
The main examples are the motor and aerospace industries, where magnesium alloys are used for
manufacturing various components, such as engine parts, transmission cases, pumps, oil sumps, and
steering wheels [3–6]. Over the last 20 years, there has been a steady tendency to use increasingly
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strong magnesium alloys, often working at elevated temperatures (above 150 ◦C) and in a corrosive
environment. Such properties of magnesium alloys could be achieved by reducing the content of
aluminum (in alloys from the Mg–Al group, such as AZ91, AM50, and AM60) and introducing
alloying agents such as Ca, Si, Sr, and rare earth (RE) elements. Thermodynamically stable Al-RE
intermetallic phases that form at grain boundaries during solidification (Al4RE or Al11(RE)3 and Al2RE
and Mg17Al12) enhanced the mechanical properties (in particular creep resistance). However, their
effect on corrosion resistance under SCC conditions in hydrogen-containing environment has not
been described.

Literature data [7,8] concerning this problem suggest that the phenomenon may be caused by
stresses that are less than 50% of the yield point of particular magnesium alloys being in service,
in environment causing only negligible corrosion in those alloys [8–10]. Hydrogen-assisted stress
corrosion cracking is particularly dangerous for the group of high-strength magnesium alloys containing
rare earth elements. Literature data concerning hydrogen degradation and SCC are very scarce for
high-strength Mg–Al–RE alloys. This concerns in particular the AE44 casting alloy.

The authors of many publications [1,11–15] agree that the development of stress corrosion
cracking in magnesium alloys can take place according to two major destruction mechanisms, which
are determined both by the alloy’s microstructure and its operating environment:

- continuous crack propagation caused by anodic dissolution of the alloy at the top of cracks,
- discontinuous crack propagation caused by a series of cracks occurring at the crack tip.

In the case of the mechanism associated with the continuous dissolution of the alloy at the apex
of the crack, several models describing this mechanism can be found in the literature. The most
common applies to magnesium alloys characterized by a continuous or almost continuous mesh of
phase separation occurring at grain boundaries. The model assumes that material destruction is carried
out by galvanic corrosion leading to inter-crystalline stress corrosion cracking [15,16].

The potential difference between the α-Mg solution, which is the anode in this system, and
the non-metallic phase precipitates located at the alloy grains, which are the cathode, causes
the formation of galvanic cells, which consequently leads to anodic dissolution of the solid solution
adjacent to the phase separations. Stresses affecting the material cause continuous tearing of the crack
thus created, providing the corrosive environment with constant access to the metallic substrate
at the tip of the crack, enabling it to spread continuously.

Another model assumes that in alloys where there is no continuous or almost continuous mesh of
phase separation at grain boundaries, a similar process may also occur that causes anodic dissolution
of the α-Mg solid solution. However, unlike the model described earlier, it assumes that a galvanic cell
can be formed between the passive layer formed on the surface of a magnesium alloy and the place
where this layer has been damaged as a result of mechanical stress or an aggressive environment
revealing a metallic substrate [16]. In this arrangement, the exposed metallic substrate acts as an anode,
while the passive layer is a cathode. As a result of the corrosive cell, a pitting is formed which is
also a stress concentrator. Their presence at the crack tip prevents reproduction passive layer, which
leads to crack growth. It should be noted that the operation of this model is possible only for alloys
and environments in which the repassivation speed is insufficient to restore the protective layer
on the alloy surface.

The mechanism of discontinuous crack propagation caused by a series of microcracks at the tip
of the crack is quite different. The result of this mechanism is the formation of both trans-crystalline
and inter-crystalline stress corrosion cracking. The authors of numerous studies [1,11–15] agree that
the impact of hydrogen on the alloy plays a key role in the functioning of this type of destruction,
while it is difficult to precisely determine its role. Studies devoted to the phenomenon of stress
corrosion cracking suggest that in the case of magnesium alloys, material cracking may occur according
to the following models taking into account hydrogen as the driving force of the cracking process [1]:

- local decohesion of the crystal lattice caused by hydrogen (hydrogen enhanced decohesion—HEDE),
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- local hydrogen-induced plasticization (hydrogen enhanced localized plasticity—HELP),
- dislocation emission caused by adsorption (adsorption-induced dislocation-emission—AIDE),
- delayed hydride cracking (DHC).

Material destruction according to HEDE, HELP, DHC, and AIDE models also takes place
in the case of hydrogen embrittlement phenomenon of magnesium alloys. The difference that separates
the phenomenon of hydrogen embrittlement and stress cracking is the presence of external mechanical
stress in the case of stress corrosion cracking, while the main mechanism of destruction is the interaction
of hydrogen deformation [17].

Stress corrosion cracking processes can be analyzed using various criteria and testing techniques,
including mechanical tests, electrochemical methods and examinations of the microstructure and
fracture surfaces. The most frequently used test is the slow strain rate test (SSRT) [10,18]. Mechanical and
corrosive tests related to stress corrosion cracking are often complemented by fractographic
examination—a qualitative analysis of fracture surfaces or profiles, including the determination
of the nature of the fracture, most frequently using scanning electron microscopy (SEM) methods [19].

In this study, it is attempted to analyze stress corrosion cracking in a modern magnesium-based
alloy containing rare earth elements—AE44. The RE mixture in the AE44 alloy contains, apart from Al
and Si, also La, Ce and Nd. It is commonly believed that precipitates enriched with rare earth metals
may enhance not only creep resistance but also stress corrosion cracking resistance. The susceptibility
of AE44 to stress corrosion cracking was assessed by determining changes in its mechanical properties
under SSRT tests [5] in a 0.1 M Na2SO4 solution. The mechanical tests were complemented by
an analysis of the alloy’s microstructure and by a quantitative evaluation of changes in the morphology
of the fracture surfaces being the result of stress corrosion cracking by means of quantitative fractography
methods. The developed method for the quantitative evaluation of cracks on fracture surfaces turned
out to be a more sensitive method enabling the assessment of the susceptibility of AE44 under complex
mechanical and corrosive loads in comparison with mechanical property degradation.

2. Materials and Methods

The AE44 magnesium-based alloy containing rare earth elements (in wt.%: 4.2 Al, 0.2 Mn, 0.1 Si,
4.2 RE (La, Ce and Nd), balance—Mg) was manufactured by die casting in the form of a 30 mm long rods
with a diameter of 12 mm. The microstructure of raw material was analyzed using a Hitachi S-3400N
(Hitachi, Tokyo, Japan) scanning electron microscope. All samples before structural examinations were
subjected to a following metallographic preparation:

- placing the cut samples in a conductive resin using a press;
- grinding of sample surfaces on abrasive papers with SiC particles with gradation of grains: 120,

320, 600, and 1200;
- rinsing of the ground surface of the samples under running water and polishing with the use of

diamond suspensions with the following particle sizes: 6 μm, 3 μm, and 1 μm;
- the last stage of sample preparation was polishing in a Al2O3 suspension with a grain size of

0.05 μm.

Due to the high sensitivity of magnesium alloys to corrosion in water environments, special care
was taken to ensure that the time between polishing and drying of samples was as short as possible
and not exceed 10 seconds.

The slow strain rate test (SSR) was carried out in accordance with ASTM G129-00 (2013)
“Standard Practice for Slow Strain Rate Testing to Evaluate the Susceptibility of Metallic Materials to
Environmentally Assisted Cracking” [5]. Cylindrical samples with a length of 20 mm and a diameter of
5 mm have been used. Before the test, samples were cleaned with acetone. The SRT test was performed
both in air and in a corrosive environment (0.1M Na2SO4 solution) under open circuit potential (OCP)
conditions, at ambient temperature and at a strain rate of ε = 9·10−7 s−1. Following parameters were
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determined: elongation at failure ε (%), reduction in area at failure Z (%), ultimate tensile strength UTS
(MPa) and time to failure t (h).

After SSR test, corrosion products were removed from the fracture surfaces by bathing in a 200 g/L
CrO3 + 10 g/L AgNO3 solution for 1 ÷ 3 minutes (as necessary). The samples were then rinsed three
times in acetone using an ultrasonic cleaner. The fracture surfaces were analyzed using a Hitachi
S-3400N (Hitachi, Tokyo, Japan) scanning electron microscope. A quantitative characterization of
cracks observed on the fracture surfaces was performed using an image analysis program—Met-Ilo®

(version 15.3, Instytut Inżynierii Materiałowej, Katowice, Poland) [20]. The analysis comprised
an assessment of the morphology and distribution of cracks present on the fracture surfaces and
the determination of number and length of cracks.

The quantitative fractography analysis covered entire fracture surfaces. The use of the systemic
scanning method (a series of photographs showing the entire fracture surface) and the subsequent
arrangement of the images into one high-resolution photograph (Figure 1) enabled the assessment of
details on a micrometer scale.

Figure 1. Scheme of the image merging operation (SE) into the image of high resolution (HR) of
the fracture surface of the sample using the scanning electron microscope (SEM): (a) scheme of systematic
scanning operations of the real surface of the fracture - Cij matrix of images, (b) image of the total area
surface of the fracture after combining images from the Cij matrix.

The original authors’ own procedure for the quantitative evaluation of cracks in AE44 comprised:

• Stage 1—the preparation of a high-resolution image of the entire fracture surface, made up
of a series of images with marked cracks (cracks had to be marked manually in the GIMP
image manipulation program as the greyness differences between cracks and some elements of
the structure were insufficient for automatic detection),

• Stage 2—the use of image analysis methods (the correction of brightness and contrast and
the creation of a binary image of cracks) to determine the quantitative crack parameters.

Apart from the qualitative and quantitative analyses of the fracture surfaces, a qualitative
characterization of fracture profiles was performed. Fracture profiles were obtained by grinding one
side of a fracture surface with abrasive paper. Due to the considerable susceptibility of magnesium-based
alloys to corrosion in water environments, the time between the polishing and drying of specimens
was maximally shortened and did not exceed 10 seconds.

The hydrogen concentration in the specimens was analyzed using a LECO TCHEN 600 (LECO,
St. Joseph, MI, USA) elemental analyzer. Hydrogen concentration was analyzed for specimens that
were subjected to the SSR tests both in air and in a corrosive environment.
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3. Results and Discussion

The microstructure of as-cast AE44 is characterized by the presence of fine grains with phase
precipitates present mainly at grain boundaries (Figure 2). Moreover, few pores of various sizes are
also observed in the structure (Figure 2b).

Figure 2. Microstructure of magnesium alloy AE44 in initial state: (a) cross-section perpendicular to
the axis of the sample; (b) casting pores.

SEM observations (Figure 2) revealed typical microstructure of diecast AE44 alloy consisted of
fine grains of α-Mg matrix and two sorts of tiny precipitates [21]. The first one was with lamellar
morphology (phase type A, Figure 2). The second was coarse with globular shape (phase type B,
Figure 2). Micro-zone compositions analysis was performed on these white phases by energy dispersive
spectrometer (EDS), and the results show that they contain aluminum and rare earth elements, cerium,
lanthanum and neodymium. In our research, it was confirmed, according to [21], that these particles
are precipitates of Al11RE3 and Al2RE, respectively.

3.1. The Slow Strain Rate (SSR) Test Results

AE44 magnesium alloy was subjected to slow strain rate tests in order to determine its susceptibility
to stress corrosion cracking in the applied environment (0.1 M Na2SO4 solution) and under external
mechanical loads. The samples were subjected to strain in air as well as exposure to the corrosive
environment under OCP conditions. Such conditions were selected in order to determine the influence
of a corrosive environment, corresponding to the working conditions of AE44 alloy, on its mechanical
properties [22].

The stress–strain curves obtained as a result of the two SSR test variants for the AE44 samples
are shown in Figure 3. They have a normal shape, with an elastic and plastic strain zone, but with no
distinct yield point. The highest ultimate tensile strength (UTS ≈ 166 MPa) is recorded for the material
subjected to strain in air.
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Figure 3. Stress–strain curves (ε = 9 × 10−7 s−1) for samples of magnesium alloy AE44 deformed in air
and in a corrosive environment under open circuit potential (OCP) conditions.

The samples subjected to strain with simultaneous exposure to the corrosive solution under OCP
conditions were characterized by lower strength (UTS ≈ 153 MPa). The best plasticity (ε, Z) was
displayed by the samples tested in air (Figure 3, Table 1). The elongation recorded for these samples
was ε = 11.9% and the reduction in area was Z = 7.8%. For samples subjected to strain in a corrosive
environment under OCP conditions, a slightly lower elongation (ε = 11.2%) and a noticeably smaller
reduction in area (Z = 4.0%) were recorded (Figure 3, Table 1).

Table 1. Mechanical properties, hydrogen concentration CH and hydrogen embrittlement index EIε for
AE44 magnesium alloy AE44 obtained as a result of slow strain rate (SSR) test (ε = 9 × 10−7 s−1) in air
and in a corrosive solution.

Test
Environment

Elongation
ε

[%]

Necking
Z

[%]

Ultimate
Tensile

Strength
UTS

[MPa]

Fracture
Time

[h]

Hydrogen
Concentration

CH

[ppm]

Hydrogen
Embrittlement

Index

EIε
[%]

EIZ

[%]

Strained
in air 11.9 7.8 166 39.5 99.7 - -

Strained
in solution 11.2 4.0 153 37.7 98.7 5.9 49

It can be concluded that the mechanical properties of the AE44 alloy after the test in the air
were close to the results obtained by Rzychoń and Kiełbus [23]: UTS – 146 MPa, ε – 7.1%.
It should be taken into account that the magnesium alloy AE44 is a casting alloy and its properties
strongly depend on the volume fraction of gas pores. Literature data indicate that the greatest
deterioration of the mechanical properties of magnesium alloys is observed during their deformation
in a corrosive environment, under cathodic polarization conditions, as well as in open potential
conditions. This effect is observed for many magnesium alloys (AZ31, Mg-8.6Al, ZK60, AZ91D, and
Mg-7%Gd-5%Y-1%Nd-0.5%Zr) in various corrosive environments (sensitivity of Mg alloys in 0.1 M
neutral salt solution decreases in the following order: Na2SO4 > NaNO3 > Na2CO3 > NaCl > CH3

COONa) [13,14,24–27].
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The results of hydrogen concentration analyses for the AE44 alloy after the SSR tests shows that
the hydrogen concentrations for both test variants were comparable (Table 1) and that the hydrogen
embrittlement index EIε, determined using Equation (1), was approx. 5.9% for elongation ε and approx.
49% for reduction in area EIZ.

EI = |XH − Xair|/Xair × 100%, (1)

where: XH is the value of a parameter (e.g., reduction in area Z or elongation ε) in the presence of
hydrogen, Xair is the value of a parameter (e.g., reduction in area Z or elongation ε) without hydrogen,
i = ε or Z.

The role of hydrogen in the destruction of the AE44 alloy is extremely complex and requires a lot
of further research regarding both its penetration process into the alloy, but also subsequent diffusion
in the alloy and recombination on the internal surfaces of the pores. In practice, it is possible to have
several destruction mechanisms simultaneously with any combination thereof. However, there is no
doubt that the hydrogen entering the material as a result of electrochemical corrosion processes is
in atomic or proton form. In this form it diffuses in the alloy microstructure, and the microstructure
of the alloy and existing structural defects—separation of intermetallic phases, grain boundaries,
dislocations and pores—play an important role in the processes of hydrogen diffusion in magnesium
alloys. In addition, in rare-earth magnesium alloys, hydrogen can form hydrides with RE elements,
and pores also play an important role in magnesium foundry alloys. In the pores, hydrogen may
recombine to molecular form, accumulate and cause increased stress in these areas [28].

When analyzing the mechanical properties of the AE44 magnesium-based casting alloy, it is
necessary to take into account the relationship between the porosity of AE44 alloy and its mechanical
properties. Lee et al. [29] demonstrated that the mechanical properties of this alloy greatly depended
on the number of pores present in the microstructure. Moreover, the results that they obtained indicated
a relationship between the number of pores present on the fracture surface and the plastic and strength
properties. The distribution of hydrogen in AE44 material is also affected by porosity. In their work [30],
Volkova and Morozova analyzed the chemical composition of gases present in magnesium-based
casting alloys containing rare earth elements, trapped at the stage of their manufacture. Their research
revealed that hydrogen accounted for as much as 93–95% of the gases’ volume. Bearing in mind that
pores present in AE44 alloy may contain hydrogen in the form of molecules, trapped in there during
the alloy crystallization, the assessment of hydrogen concentration in the AE44 samples seems to involve
a potential for major errors. The presence of hydrogen in pores following the crystallization process
in AE44 alloy may also be the reason why there is hardly any difference in hydrogen concentration for
the specimens after the SSR tests in air (99.7 ppm) and in the corrosive environment (98.7 ppm) under
OCP conditions.

3.2. Qualitative and Quantitative Evaluation of the Fracture Surface after the SSR Tests Using The Oryginaly
Developed Quantitative Fractography Method

The analysis of the AE44 sample surfaces and fracture surfaces after the SSR tests in air and
in the corrosive environment showed major differences. There were a few cracks on the side surfaces of
the AE44 sample subjected to strain in air (Figure 4a,b). Their propagation direction was perpendicular
to the force applied during the strain test.
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Figure 4. Lateral and fracture surface of the sample after SSR test in air: (a) macroscopic image of
lateral surface; (b) magnified image of the lateral surface; (c) macroscopic image of fracture surface;
(d) magnified image of fracture surface.

On the main fracture surface (Figure 4c,d), there are numerous pores that formed during the casting
process, of various sizes reaching even several hundred micrometers (Figure 4c).

In the case of the specimen subjected to strain in the corrosive environment under OCP conditions,
there are cracks and very numerous but shallow corrosion pits on its surface side (Figure 5a,b).
On the main fracture surface (Figure 5c,d), there are pores of various sizes (Figure 5c) and numerous
cracks (Figure 5d). However, there are also areas free of cracks. The morphology of the fracture surface
of the AE44 alloy after the air test is typical—a ductile fracture with numerous pores, the elongated
shrinkage porosity and spherical gas (air) porosity. It is comparable with the results of other authors [24].
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Figure 5. Lateral and fracture surface of the sample after SSR test in corrosive solution under OCP
conditions: (a)—macroscopic image of lateral surface; (b)—magnified image of the lateral surface;
(c) macroscopic image of fracture surface; (d) magnified image of fracture surface.

A detailed analysis of the fracture surface of the AE44 specimens subjected to strain in air
revealed that the fracture was intercrystalline. There were also many intermetallic phase precipitates
on the fracture surfaces (Figure 6a), which were located along grain boundaries in AE44. Cracking along
grain boundaries was also observed on the fracture profiles (Figure 6a,b). The analysis of the fracture
surfaces of the AE44 specimens subjected to strain in the corrosive solution under OCP conditions
revealed a significantly larger number of cracks. Moreover, areas of a transcrystalline nature were
observed on the specimen surfaces (Figure 6c,d). According to Atrens et al. [31] fracture surface
after SSC of Mg alloy is intergranular (IG-SSC) or transgranular (TG-SSC). A continuous or nearly
continuous second phase, typically along grain boundaries, causes IG-SSC by microgalvanic corrosion
of the adjacent Mg-matrix. IG-SSC is expected in all such alloys. TG-SSC is most likely caused
by interaction of hydrogen with the microstructure. Hydrogen strongly interacts with rare earth
elements (RE) in magnesium alloy AE44 to form hydrides with them. It is commonly recognized that
transgranular SCC (TGSCC) of Mg alloys is a type of HE. HE models involve hydrogen-enhanced
decohesion, hydrogen-enhanced localized plasticity, adsorption-induced dislocation emission, and
delayed hydride cracking. The presence of hydride (MgH2) phase on the fracture surface designates
the DHC mechanism for a friction-stir welded magnesium alloy AZ31 [32].
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Figure 6. Surface and profiles of AE44 magnesium alloys obtained as a result of the slow strain rate test
(SSRT): (a,b)—air, intergranular fracture; (c,d)—solution, transgranular fracture, and secondary cracks
in the volume of the solid solution α-Mg.

Cracks were also identified in the alloy matrix (α-Mg), where very often they propagated on parallel
crystallographic planes (Figure 7). At the same time, it was observed that in the corrosive environment,
the cracking occurred not only through the growth of the main crack, but also through the growth of
secondary cracks, which together formed more complex crack configurations (Figure 7a).

Figure 7. Series of parallel cracks in the AE44 magnesium alloy as a result of SSRT in a corrosive
environment under OCP conditions: (a) on the fracture surface; (b) on the profile of fracture.

Analysis of the places of occurrence of cracks on fracture surfaces indicates that in the AE44 alloy
these cracks occurred in the areas of α-Mg solid solution after SSRT tests in corrosive environment and
they were not accompanied by the separation of intermetallic phases (Figure 6). No such cracks were
found after testing SSRT in the air. At the same time, it should be remembered that in the presence
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of a corrosive environment, the nature of the fracture changed from inter-crystalline after SSRT
tests in the air to trans-crystalline after tests in a corrosive environment. This fact and the presence
of numerous cracks in the alloy matrix after SSRT tests in a corrosive environment may indicate
the presence of hydrogen, which caused the matrix brittleness in this place.

On fracture profiles, porosity is observed in the entire volume of the specimens, with the pores
being located mainly near the specimen axis (Figure 8). This is typical behavior for pores forming
during the casting process.

Figure 8. Profile of the fracture in magnesium alloy AE44 after SSRT: (a) in the air; (b) in solution.

The presence of local cracks propagating from the side surface deeper into the specimen was
detected on the side surfaces of all the AE44 specimens (Figure 9b,d).

Figure 9. Profile of the fracture in AE44 magnesium alloy after SSRT in the air: (a)—fracture surface;
(b)—lateral surface of the sample and after SSRT in solution: (c)—fracture surface; (d)—lateral surface
of the sample.

There are many research techniques allow quantitative assessment of surface fractures [18].
However, each of these techniques has its limitations. The origins of quantitative fractography can
be found in the works Undervood [19], Wrigth and Karlsson [33], Coster and Chermant [34], and
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Undervood and Banerji [35]. The authors discuss in some detail the possibilities and limitations
in the methods of quantitative description of surface fracture in these works. Generally, there are two
groups of quantitative fractography techniques using:

- methods based on metallographic cross-sections of the fracture surface, i.e., profilometric analysis,
- methods based on images of the fracture surface, i.e., quantitative description of the fracture surface.

The authors of this publication have used both techniques—quantitative description of the profile
fracture [7,8] or a fracture surface [9,10,36]. However, the most important thing, regardless of the chosen
research technique, is the selection of detail of surface fracture for the quantitative description, e.g.,
a fraction of the ductile fracture, cracks.

The basis for the quantitative evaluation of cracks on the AE44 fracture surfaces were binary
images of total fracture surfaces with marked cracks (Figure 10).

Figure 10. Binary image of cracks on the fracture surfaces of AE44 magnesium alloy after SSRT tests:
(a) in the air and (b) in solution.

The results of the quantitative evaluation of cracks on the fracture surfaces (Figure 10, Table 2) show
major differences in the numbers and lengths of cracks depending on the SSR test conditions—in air
and in the corrosive solution under OCP conditions.

Table 2. Results of the quantitative analysis of cracks on the surfaces of AE44 magnesium alloy fracture
after SSRT tests in air and in a corrosive solution in OCP conditions.

SSRT Environment Number of Cracks
Length of Cracks

[μm]
Width of Cracks

[μm]

Distance between
Adjacent Cracks

[μm]

strained in air 141 34.5 ± 43.8% 1.02 ± 14.1% 118 ± 99%
strained in solution 900 21.3 ± 48.7% 1.04 ± 18.9% 58 ± 76%

The fracture surface of the specimen subjected to strain in air is characterized by the smallest
number of cracks (141). Their distribution was uneven – the cracks formed small clusters (Figure 10a).
Moreover, the cracks are characterized by the greatest average length (34.5 μm). The most numerous
group of cracks present on the surfaces of the specimens tested in air were cracks that were 20–30 μm
long—they accounted for 37.6% of all cracks. No cracks shorter than 14 μm were found. The longest
crack found in these specimens was 114 μm long. Detailed information concerning the crack length
distribution on the fracture surface of the AE44 specimen subjected to strain in air is shown in the form
of a histogram (Figure 11a). The quantitative analysis of the cracks present on the fracture surface
of the specimen tested in the corrosive environment under OCP conditions revealed that they were
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much more numerous than in the case of the specimen tested in air—there were 900 cracks. They were
evenly distributed on the fracture surface (Figure 10b). Their average length was 21.3 μm. The most
numerous group of cracks was in the rage of length of 10–20 μm. They accounted for 54.3% of all
cracks present on the fracture surface. No shorter cracks were found. The longest crack was 139 μm
long and this value was greater than that recorded for the specimens tested in air.

Figure 11. Histogram of the length of cracks occurring in the binary image of cracks present
on the fracture surface of the AE44 magnesium alloy after SSRT in the air (a) and in solution (b).

The distribution of cracks on the fracture surface is shown Figure 11b. These results indicate that
the presence of the corrosive environment resulted in a greater number of cracks, however, the cracks
were shorter and thus their average length was also smaller. An important feature of the method
presented in this work is that it covers the entire fracture area (resulting from the final specimen failure)
and all cracks (taking into account the image resolution) of very different sizes, and the results obtained
can be used to assess the susceptibility of an alloy to the action of a corrosive environment.

Analysis of the SSC fracture surface in the Na2SO4 solution demonstrates the active role of hydrogen
in the process of initiating and developing microcracks. This can be demonstrated by the presence of
an intercrystalline surface fracture (TG-SSC) on SSRT samples in a corrosive environment. The presence
of TG-SSC in magnesium alloys (in particular with rare earth elements RE) after the SSRT test
in a hydrogenation environment, is considered according to Atrens et al. [31], for the effect of hydrogen
interaction with the alloy microstructure.

Based on the research carried out, it was proposed that the model description of stress corrosion
cracking in magnesium alloys AE44 consists of the following stages:
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- Stage one: as a result of exposure of the alloy to the environment containing hydrogen, due to
the difference in its concentration in both media, it diffuses from the environment to the surface
layer of the alloy. Hydrogen diffusion is gradually weakened by the Mg(OH)2 layer formed
on the surface of the alloy, which arises as a result of its exposure to the corrosive environment,

- Stage two: as a result of the synergic interaction of the external mechanical loads to which
the alloy is subjected, and internal stresses induced by the presence of hydrogen in the material
microstructure, cracking occurs in the hydrogen-saturated surface layer of the alloy,

- Stage three: the cracks created in the microstructure of the alloy reveal previously covered with
Mg(OH)2 layer, a metal substrate enabling easier and faster diffusion of hydrogen to the inside of
the alloy through the surfaces of freshly formed cracks,

- Stage four: the cracks in the material propagate into the material, followed by decohesion of
the alloy in the areas of the microstructure located in front of the crack tip, where there is a high
concentration of stress caused by external mechanical loads and internal stresses induced by
the diffusion of hydrogen. In addition, secondary cracks also develop in these areas.

4. Conclusions

In the summary of mechanical test results, obtained under complex mechanical and corrosive
loads (SSR) tests in air and in a 0.1M Na2SO4 corrosive environment and of the qualitative and
quantitative evaluation of cracks on the fracture surfaces after the SSR tests, the following conclusions
were formulated for AE44 alloy:

1. The impact of mechanical loads and the corrosive environment (OCP) under SSC conditions
on the properties of AE44 took the form of deterioration in mechanical properties.

2. The influence of hydrogen on the mechanical properties of AE44 was difficult to evaluate
as the measured content of hydrogen in AE44 was the sum of hydrogen that penetrated into
the alloy from the solution during the SSR test and hydrogen contained in pores that formed
in the alloy during the manufacture process.

3. The qualitative analysis of the fracture surfaces of the AE44 specimens after the SSR tests in air
and in the corrosive solution under OCP conditions revealed a significantly greater presence of
cracks in the case of the specimens tested in the corrosive environment.

4. The quantitative analysis of the cracks (number, length, and size distribution) in the AE44
specimens after the SSR tests indicated a significant difference between the alloy’s susceptibility
to SCC in a corrosive environment and in air. Such clear differences could not be observed when
the adopted criterion of the alloy’s susceptibility was the changes in its mechanical properties
in SSR tests.

5. The analysis of the results concerning the susceptibility of the AE44 magnesium-based alloy
to the action of a corrosive environment under SSC conditions can lead to the conclusion that
the results obtained from the quantitative fractography methods are an important complement to
the SSR tests (changes in mechanical properties) being the basic criterion for the assessment of
an alloy’s susceptibility to the combined action of stresses and a corrosive environment, but also
that the developed quantitative fractography method is more unambiguous and more sensitive to
changes in the corrosive environment and the mechanical load than the change in mechanical
properties during SSR tests.
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Abstract: The paper focuses on the corrosion behavior of aluminum joints made by friction stir
welding as a function of loading conditions. A four-points bend-beam test, constant loading test,
and slow strain-rate test were carried out on AA 7075-T6 alloy in aerated NaCl 35g/L solution at
room temperature monitoring the free corrosion potential. The penetration depth of the intergranular
attack was deeper after the four-point bent-beam tests compared to all the other testing techniques.
Preferential dissolution along the grain boundaries was found in the heat-affected zone and the
attack follows the elongated grains structure along the rolling direction. However, no stress-corrosion
cracking phenomena were detected. No relevant stress corrosion cracking (SCC) crack embryos
propagation was noticed under uniaxial tensile tests—both constant loading and slow strain-rate
tests—manly due to the high dissolution rate occurring at the crack tip which promoted premature
shear ruptures.

Keywords: corrosion; stress-corrosion cracking; friction stir welding (FSW); AA7075

1. Introduction

Friction stir welding (FSW) is a recent solid-state joining technique developed by the Welding
Institute [1,2]. This technique has promising applications on difficult-to-weld alloys, i.e., age-hardening
aluminum alloys [3,4]. FSW technique has been successfully applied to Al-Cu 2XXX series [5,6],
Al-Si-Mg 6XXX [7,8], and Al-Zn-Mg 7XXX series alloys [9,10].

The 7XXX series aluminum alloys are widely used in aircraft and automotive industry due to
the high tensile strength on weight ratio. The corrosion resistance of the alloy is significantly affected
by the presence of Zn and Mg, which could induce several corrosion phenomena, such as localized
corrosion such as pitting [11–13], intergranular [14,15], and stress-corrosion cracking [16,17].

The corrosion behavior of such alloys is strictly related to the temper. Several authors confirm that
the 7XXX alloy exhibits SCC susceptibility in peak-aged conditions (T6 temper). However, over-aging
(T7) or retrogression and re-aging (RRA) treatments are not critical compared to SCC [18,19]. Even if
FSW is a solid-state joining technique, it is well known that it implies deep modifications to the alloy’s
microstructure and precipitates’ distribution in the welding zones [20–23]. Therefore, this process can
significantly affect the corrosion resistance and SCC [24,25].
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The aim of this work is the study of the SCC susceptibility of AA 7075 T6 FSW butt joints by means
of constant deformation tests with a four-point bending device (4PBD), uniaxial constant loading (CL)
and slow strain-rate (SSR) tests in NaCl 35g/L aerated solutions at room temperature. During the
tests, the open circuit potential (OCP) was monitored. The corrosion morphology was observed after
exposure by means of the optical microscope and the scanning electron microscope (SEM) equipped
with an energy dispersive X-ray spectroscopy device (EDX).

2. Materials and Methods

2.1. Welds

Sheets with a thickness equal to 4 mm were considered. Table 1 shows the chemical composition of
the AA 7075 T6 alloy. Sheets of 200 mm × 80 mm were welded by using a custom-made tool designed
with a smooth plane shoulder (16 mm diameter) coupled with a frustum cone-shaped pin (maximum
and minimum pin diameters were 6 mm and 4 mm, pin height was 3.8 mm). The rotational speed of
the tool (S) was 1500 rpm and feed rate (F) was 10 mm/min. The set-up of the welding procedure was
reported in a previous work [26]. The mechanical properties of the base materials and the welded
joints are reported in Table 2. Good reproducibility was observed in terms of tensile strength of the
FSW joints. Owing to non-uniform strain distribution, it was not possible to calculate the yield strength
of the welded specimens.

Table 1. Chemical composition (% weight) of the alloy 7075-T6.

Al Si Fe Cu Mn Mg Zn Ti Cr

bulk 0.05 0.10 1.53 0.008 2.54% 5.72% 0.04 0.20

Table 2. Mechanical properties of the base materials and the welded joint.

Base Material FWS Joint

YS (MPa) UTS (MPa) Max Strain (%) YS (MPa) UTS (MPa) Max Strain (%)

512 576 13.5 - 329 11

2.2. Metallographic Analysis

The microstructure was revealed through Keller’s etchant after grinding by means of emery papers
up to 4000 grit, then polishing with 0.1 μm alumina aqueous suspension and finally observed with
Nikon (Eclipse MA100N, Tokyo, Japan) optical microscope and SEM (Zeiss EVO 50, Zeiss, Oberkochen,
Germany) Oxford x-act sdd (silicon drift detector, nitrogen free) EDX equipment type model (Oxford
Instruments, High Wycombe, UK).

2.3. OCP Monitoring

OCP was measured on the three different zones of FSW butt welds, i.e., the nugget,
the thermomechanical affected zone/heat-affected zone (TMAZ/HAZ—it was not possible to separate
the two zones) and the base metal. The specimens were cold-mounted in epoxy resin with an embedded
wire to allow electrochemical measurements. A 20 mm × 20 mm area was grounded with emery paper
and then polished with colloidal alumina up to 0.1 μm. After polishing, the specimens were stored at
room temperature (23 ◦C) with relative humidity in the range of 25–30% for 48 h before the immersion,
to allow the formation of the natural protective film. The specimens were dipped in different testing
cells filled with aerated 35 g/L NaCl solution (Carlo Erba RPA reagent, Cornaredo, Italy). The OCP was
measured by using a saturated calomel electrode (SCE E = +0.240 V vs Standard Hydrogen Electrode,
Amel Instrument, Milano, Italy) positioned close to the surface of the specimens to reduce the ohmic
drop in the electrolyte during electrochemical tests.
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2.4. Four-Point Bending Tests

Four-point bending (4PBB) tests have been performed according to ASTM G39 on 4 mm × 20 mm
× 160 mm prismatic specimens obtained by FSW joints (Figure 1). The specimens were polished by
emery papers up to 1000 grit and degreased in acetone in ultrasonic bath for 5 min. After polishing,
the specimens were left in still air for 48 h to allow the formation of the protective film.

Figure 1. Schematic representation of specimens obtained by means of friction stir welding (FSW)
welded sheet (draw not in scale).

The specimens were positioned inside the bending device to attain a uniform tensile strain
distribution over the welded surface. Four glass cylinders were used to avoid galvanic coupling
between the stainless-steel specimen holder and the aluminum alloy. Four specimens were loaded
up to 80% of the tensile strength of FSW joints derived by tensile tests (refer to Table 2). The other
four specimens were dipped without loading (unloaded condition). Tests have been performed on
four specimens for each condition (loaded and unloaded). All the specimens were exposed in a cell
filled with about 30 L water, and 35 g/L sodium chloride (Carlo Erba RPS analytical grade reagents,
Cornaredo, Italy) for 1500 h. To avoid the contamination of the testing solution by corrosion products
of aluminum during long-term exposures, the test solution was refreshed after 150 h and 500 h.
The amount of water that was substituted was equal to 10 liters. During the procedure, the specimens
were always left well below the waterline. The OCP was measured during the exposure. More details
about the experimental set-up are reported in a previous work [27].

At the end of the long-term exposure tests, the specimens were unloaded, washed in distilled
water, and then rinsed with acetone in an ultrasonic bath. The surfaces were then observed by means
of optical microscopy up to 600 times magnification and SEM equipped with EDX.

2.5. Constant Load Tests

CL tests were carried out on a specimen of 4 mm × 8 mm × 82 mm gage length, with the weld
positioned at the center of each specimen (Figure 1). The size of the specimens is reported in Figure 2.
The specimen was settled in a double compartment cell (Figure 3a). All the compartments were
maintained at room temperature filled with aerated NaCl 35 g/L solution (Carlo Erba RPS analytical
grade reagents, Cornaredo, Italy). Water recirculation in the cell was granted during the tests. The OCP
of the specimens was continuously monitored using a SCE positioned close to the metal surface by
means of a Lugging capillary.

The specimens in the cell were positioned into the CL machine (no loading), then they were
dipped in the test solution. After 120 h of OCP monitoring, the specimens were loaded at 190 MPa,
corresponding to 54% of the ultimate tensile strength (UTS) of the weld. This value is slightly lower
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than the elastic limit of the weld obtained by means of tensile tests. The specimens were left at this
value for 350 h and the OCP was measured during all the period. Then, the applied load increased up
to 279 MPa, corresponding to 80% of the UTS of the weld (homogeneous plastic deformation field).
The OCP was measured until 720 h of exposure (one month).

Figure 2. CL and SSR specimen: the weld is in the center of the gouge length, the thermomechanical
affected zone/heat-affected zone (TMAZ/HAZ) extension is 40 mm for each side.

Figure 3. CL test device (a) and SSR test device (b).

At the end of the test, the specimens were unloaded and observed under the optical microscope
and under the SEM to analyze the corrosion morphology. Metallographic cross-section was also taken
along the longitudinal direction of the specimen.

2.6. Slow Strain-Rate Tests

The SSR tests were carried out by using specimens of the same dimensions as the CL tests.
The set-up of the tests is shown in Figure 3b. The tests were carried out on a 30 kN testing machine at
displacement rates varying from 5 × 10−7 to 5 × 10−3 mm/s. A displacement rate of 8.2 × 10−4 mm/s
was used in order to have a strain rate of 10−6 s−1 as average value on all the gage length. During
the tests, the load and OCP were measured continuously. At the end of the tests the specimens were
washed in distilled water and rinsed in acetone to permit the observation of the fracture surface under
the SEM. Then the specimens were longitudinally sectioned for the metallographic observation.

3. Results

3.1. Metallographic Analysis

The microstructure of the AA 7075 T6 alloy has already been presented in [26]. Coarse precipitates
along the grain boundaries (Figure 4) and micrometric precipitates within the grains of α-Al, oriented
in the rolling direction [28], can be well demonstrated. The strengthening MgZn2 nanoprecipitates
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are not visible under the optic or SEM microscope, while macro-precipitates are copper and iron-rich
phases as Al2CuMg and Al7Cu2Fe or zinc and magnesium rich phases, i.e., undissolved MgZn2 during
alloy solution annealing treatment, or MgSi.

Figure 4. Optical image (Keller attack) of the alloy AA 7075 T6 (base material). Elongated grains along
the rolling direction and the macro-precipitates are visible.

In the nugget, re-crystalized fine equiaxed grain structure can be noticed. In addition, MgZn2

strengthening precipitates are dissolved (T6 artificial aging temper) into the supersaturated solid
solution and reprecipitated after cooling (Figure 5). Venugopol et al. affirmed that the temperature
obtained during the process is below the melting temperature of the alloy, but above the solutioning
temperature, as demonstrated by the re-crystallization of the weld nugget and the redistribution of the
precipitates [21]. For the same authors, the absence of fine precipitates in the weld nugget indicates
that the cooling rates are such that larger precipitates could nucleate and grow but not the finer ones.
In the TMAZ, the precipitates are quite random, and the coarsening of finer precipitates observed in
base material can occur during welding [21].

Figure 5. (a) SEM image of the nugget of the FWS 7075 alloy (no metallographic attack) the rounded
recrystallized grains are visible owing to the precipitates of MgZn2 on their grain borders and EDX
spectra in which is visible an enrichment of zinc and copper in the correspondence of the precipitates.
In the image the grain border is demonstrated; (b) optical image of the nugget with metallographic
attack (Keller’s reagent) that better demonstrated the rounded recrystallized grains.

389



Materials 2020, 13, 2600

The size of the precipitates at the grain boundaries of the HAZ (Figure 6) is unfortunately too
small to permit their observation under the SEM, but many transmission electron microscope (TEM)
observations were reported in the literature and they demonstrated that these smaller precipitates play
a fundamental role in the intergranular corrosion and the SCC of these alloy series [18].

Figure 6. Optical image (Keller attack) of the HAZ of the FWS AA 7075 alloy. The grains appear
elongated along the rolling direction; presence of macro-precipitates is evident.

3.2. 4PBB Specimens

The OCP measurements (average values of four specimens) did not show any evident differences
between 4PBB loaded and unloaded specimens (Figure 7). The corrosion potentials generally were
in the range of −870–−840 mV vs SCE; the corrosion potential showed a sharp decrease during the
solution refresh owing to the partial removal of non-adherent scale of corrosion products that exposes
the corroded surface on the fresh solution; after this, the corrosion potential increases to the same
potential values detected prior to the partial substitution of the testing solution. This effect was more
marked for specimens without loading compared to loaded specimens. The corrosion potential of the
loaded specimens decreases after 1300 h, then it increases again. Compared to the values obtained by
the analysis of the three different zones (nugget, TMAZ/HAZ and base materials—Figure 8) similar
results can be outlined in both the TMAZ/HAZ and the nugget. The base metal showed slightly nobler
potential values.

Figure 7. Open circuit potential (OCP) vs time for loaded and unloaded 4PBB specimens. The decreasing
of the OCP of the specimens in the correspondence of the partial refresh of the test solution that breaks
the aluminum oxide scale and exposes fresh metal surface to the aggressive solution.
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Figure 8. OCP vs time of the different zones (base materials, TMAZ and nugget) of the alloy AA7075 T6.

Figure 9a shows the corrosion morphology of the specimens at the end of the 4PBB tests.
No differences in the corrosion morphology were observed between the loaded and unloaded
specimens. The HAZ is preferentially corroded. The attack propagates along the grain boundaries,
following the rolling direction (Figure 9b). The EDX analysis (Figure 9c) demonstrated the depletion of
zinc and copper in the corroded zone (Spectrum 1) with respect to the un-corroded zones (Spectrum 2).

(a) (b)

(c)

Figure 9. (a) Image of a 4PBB specimens after the test: an intense localized attack in the correspondence
of the TMAZ and (b) SEM image of the metallographic longitudinal section of the loaded specimen in
which is visible the deviation of the attack along the rolling direction, (c) particular of the attack and
EDX analysis.
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3.3. Constant Loading (CL) Tests

Figure 10 shows the effect of the applied load on the OCP of the CL specimen. The OCP of the
unloaded specimens rapidly stabilized between −850 and −800 mV vs SCE. The fluctuations are mainly
ascribable to the removal of corrosion products of aluminum formed at very early exposures, due to
the recirculation of the testing solution. When the specimen is loaded in elastic field, a decrease in the
OCP was noticed but the potential values stayed in the same range measured in unloaded condition.
Conversely, at strain level exceeding the yield stress—i.e., in the plastic field—100 mV decrease in
the OCP occurred due both to the rupture of the thick corrosion product scale of aluminum and the
plastic straining exposes the very active metal to the aggressive environment. The OCP came back
to the initial value after about 24 h. This value remained almost constant, until the end of the tests.
The specimen did not break during the tests but showed a corrosion attack mainly localized at the
HAZ (Figure 11). Differently from the 4PBB specimens, the attack appears wider, and positioned
perpendicularly to the loading direction coinciding with the rolling direction (Figures 11c and 12a).
Some small ramifications along the grain boundaries were observed (Figure 12b).

Figure 10. Open circuit potential measurements of the specimen loaded at different values during
CL test. The decrease in the OCP mainly occurs as loading increase due to aluminum corrosion
products cracking.

3.4. Slow Strain-Rate (SSR) Tests

Figure 13 reports the load and OCP measurements performed during the SSR tests of the AA
7075-T6 base materials and the FSW joints. The tests were twice repeated, but only one curve for each
condition is reported in the graph for simplicity. The tensile curves of the base material and the weld
obtained in air or in NaCl 0.6 M are practically overlapped. The time to failure of the base material
is close to the mean value with a very small deviation of 7%. 25% deviation was observed for the
welded specimens. No stress-corrosion crack occurrence was noticed for the base metal and the time
to failure in 0.6 M NaCl solution is even longer compared to the value measured at air. The role of
active corrosion in NaCl solution can be hypothesized to enhance dislocation mobility and thus the
plastic deformation, as reported by Jones et al. [28,29]. The authors named this phenomenon anodic
attenuation of strain hardening.
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Figure 11. Aspect of the specimen at the end of the constant load test. (a) Macro image: the dark zone
in the central part exposed to the NaCl 0.6 M solution; (b) close-up of the red circle with the selective
attack of the TMAZ; (c) metallographic section of localized attack.

(a) (b)

Figure 12. (a) Metallographic section of the enlarged localized attack in the TMAZ zone of the CL
specimen. Close-up of the arrow in (b) in which is evident the change the morphology of attack that
allow the rolling direction.

Figure 14 compares the fracture surface of the SSR specimens after the test in air and in 0.6 M NaCl
solution. The fracture surface at air (Figure 14a) showed a shearing failure, typical of the prismatic
specimens, while the fracture surface of the specimen after the SSR test in 0.6 M NaCl solution exhibits
an initial flat area (Figure 14b) due to the presence of microdefects able to trigger localized corrosion
initiation. These microcracks are mainly at macro-precipitates (black arrows in Figure 15a) and have
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depth less than 100 μm. In the correspondence of these microcracks, the fracture surface is heavily
corroded (Figure 15b) and it is possible to observe the presence of several micro-precipitates. The flat
zone of the fracture surface (Figure 16b) is mixed brittle/ductile as some small dimples and quasi
cleavage areas were observed, similarly to the fracture surface at air (Figure 16a). The presence of
very small zones with typical SCC morphology, indicated with the arrows in Figure 16b [29] was also
confirmed; the final shearing fracture of these specimens was similar to that in air.

No macroscopic SCC phenomena were observed probably due to the strain rate (10−6 s−1) value
adopted and very aggressive NaCl solution. Results presented in other works [30] confirmed the
absence of stress corrosion on this alloy during the SSR tests at the OCP and strain rate of 10−6 s−1.
The OCP remains constant in the elastic field, but it increases with the plastic deformation, probably
due to the enrichment in iron and copper due to the dissolution of the surrounding aluminum matrix.
This observation is supported by back-scattered electron (BSE) image and EDX spectrum (Figure 17).

Figure 13. Stress vs time and OCP of the specimens during the slow strain-rate tests.

(a) (b)

Figure 14. SEM image of the fracture surface of the AA7075 T6 specimen after the SSR test (a) macro at
air, (b) macro in 0.6 M NaCl solution.
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(a) (b)

Figure 15. SEM image of the fracture surface of the AA7075 T6 specimen after the SSR test (a) specimen
surface with corrosion products of aluminum and several microcracks at macro-precipitates (black
arrows); (b) particular of fracture initiation zone after SSR test in 0.6 M NaCl solution.

(a) (b)

Figure 16. SEM image of the fracture surface of the AA7075 T6 specimen after the SSR test: (a) particular
of the fracture surface at air and (b) in 0.6M NaCl solution (the arrows indicate small areas with typical
SCC morphology).

(a) (b)

Figure 17. (a) Backscatter electron detector (BSD) image of the external surface of a base material
specimen after the SSR test in NaCl 0.6 M, the bright zone indicates precipitates with higher atomic
weight than the aluminum matrix; (b) EDX spectrum of one of these particles.
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The curves of the FSW joints exhibit time-to-failure values lower than the base material. This can
be mainly ascribable to the decrease in the tensile properties at the joint TMAZ/HAZ zone, as observed
also elsewhere [26,31–33]. Consequently, the hardness and then the UTS of the alloy decrease due to
microstructural modifications [34,35].

Figure 18a reports the hardness profile of the longitudinal section of the weld. The hardness
sharply decreases at the TMAZ/HAZ and, therefore, the plastic deformation mainly occurs at this point,
thus decreasing the total elongation at break and the time of failure. Despite the high strain rate due to
plastic strain localization at TMAZ/HAZ, slight decrease in the time to failure in 0.6 M NaCl solution
was noticed compared to air—i.e., 10 ± 0.5 h—thus denoting SCC occurrence. Bala Srinivasana et
al. reported about SCC phenomena in the HAZ of the AA7075 of mixed FWS joints of AA7075 and
AA6056, when the specimens were tested at strain rate 10−7 s−1 in NaCl solutions, but only localized
corrosion in the tests carried out at 10−6 s−1 was detected [36]. The SEM observation of the surfaces
demonstrate a flat zone at fracture initiation with maximum depth of 1 mm (Figure 18b,c). The presence
of non-coherent corrosion products of aluminum and several precipitates was also noticed (Figure 19a).
EDX analysis detected the presence of zinc, aluminum, and copper, as well as magnesium depletion
(Figure 20). The final fracture is by shearing (Figure 18b) and its morphology is characterized by
elongated dimples and a few brittle areas Figure 19b), similarly to the base material (Figure 16).

(a) (b)

(c) (d)

Figure 18. (a) Hardness profile along the FSW butt joint; (b) SEM image of the fracture surface, a flat
zone of about 1 mm of growth (close-up in (c) is highlighted in (d)) metallographic section of the
fracture surface in which is visible the flat zone and the small ramifications.
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(a) (b)

Figure 19. (a) Particular of the mixed ductile/brittle fracture zone and (b) of the ductile shearing
final rupture.

Figure 20. EDS spectrum of the precipitates present on the mixed ductile/brittle zone of the fracture
surface of the FWS specimen after the SSR test in 0.6 M NaCl solution.

The OCP of the FSW butt joints lies in the range of −820–−810 mV vs SCE and it is less noble than
the base material, whose potential was in the range between −725 and −670 mV vs SCE. The OCP of the
FSW alloy decreases during the elastic deformation. Conversely, constant values were detected once
the specimen was strained in the plastic field. The values of the OCP of the FSW specimens during
SSR tests are close to that measured during 4PBB tests and CL tests (Figures 7 and 10), corresponding
to the OCP of the TMAZ/HAZ and the nugget (Figure 8). The very low OCP potential indicates that
these zones are more susceptible to corrosion than the base material, as confirmed by the intense attack
observed on the specimens at the end of the test.

4. Discussion

These results confirmed the higher corrosion susceptibility of the TMAZ/HAZ of the AA 7075
FSW joints with respect to the nugget and the base material, but there is no agreement between the
different geometries of the specimens.

No SCC occurrence was noticed after 4PBB tests, but severe localized attack along the rolling
direction at TMAZ/HAZ. Shallow defects at TMAZ/HAZ were observed after CL and SSR tests, which
direction was perpendicular respect to the applied load.

The higher corrosion susceptibility of the TMAZ/HAZ can be attributed to the microstructure
modification produced by the FSW process. The presence of precipitates at the grain boundaries less
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noble than the matrix promotes the intergranular corrosion of the alloy [37]. Different mechanisms
were proposed to explain their effect, Maitra and English affirmed that the grain boundaries have a
more active breakdown than the matrix and preferentially initiated the pitting [38], while other authors
consider the effect of acidification generated by the preferential dissolution of the anodic particles as
the cause of the continuous grain-boundary attack [11,14]. The intergranular attack through thickness
direction (short transverse—S) is much lower than that in either longitudinal (L) and transverse (T)
directions for rolled plates owing to the microstructural anisotropy while the breakdown potentials
were independent of sample orientations [39].

Similar mechanisms have been formulated to explain the SCC mechanism of aluminum 7XXX
alloys, mainly hypothesizing hydrogen embrittlement [18,40], but also slip-dissolution mechanism [41].
Naijar et al. [42] proposed a mixed mechanism, in which the SCC phenomena were initiated from
localized attacks at macro-precipitates present on the alloy surface (i.e., Al7Cu2Fe or Al2CuMg) or on
grain boundaries. The hydrolysis of the produced cations induces the local acidification of the occluded
cell and, as consequence, the possibility to electrochemical evolution of hydrogen. These authors
suggested that localized dissolution at precipitates or at the grain boundary correspond to the formation
of critical defects, which is the first step of the SCC. The deterioration of the passive film and the
anodic dissolution of the metal promotes hydrogen uptake and diffusion inside the metal lattice.
As the defects act as local stress intensifier, intergranular fracture are promoted, especially in the
short-transverse direction for which grain boundaries are favorably oriented to the applied tensile
stress [43,44]. Vasudevan and Sadananda [45] reported the decrease in the crack propagation rate in
NaCl solution with the increasing of the precipitates size at the grain boundaries, and the depletion in
copper of the aluminum matrix. The positive effect of precipitates size was also underlined by other
authors [46].

On the contrary, the results of Ashai et al. [47] on smooth specimens of Al-4.3Zn-1.7Mg alloys
in 3.5% NaCl + 0.2% H2O2 solution, demonstrated an inverse correlation between the time to failure
(failure rate) and the size of precipitates at the grain boundaries. This can be ascribed to the preferential
dissolution of the MgZn2 precipitates at the grain boundaries [48].

Talianker and Cina demonstrated a clear relationship between the presence of dislocations aside
to grain boundaries and the susceptibility to stress corrosion of AA7XXX. [48].

The fractographic analysis of the specimens demonstrated the microcracks initiation preferentially
at larger precipitates. The nugget and the TMAZ/HAZ showed lower OCP, thus indicating higher
susceptibility to corrosion than the base material. No SCC microcracks propagation was noticed at the
nugget due to the large size of the strengthening MgZn2 micro-precipitates—that decreased the SCC
susceptibility—and the higher tensile strength compared to the TMAZ/HAZ zones. Under constant
deformation tests, such as 4PBB tests, the applied stress naturally decreases during the exposure as
localized attack propagate toward the specimen thickness. In addition, the tensile stress acts on these
specimens in the direction of the elongated grains, and therefore the SCC cracks should propagate in
the perpendicular direction. For these reasons, corrosion takes place in form of localized attacks at the
elongated grain boundaries along the rolling direction (Figure 9).

In SSR and CL tests, the localized attacks and the plastic strain mainly occurred at TMAZ/HAZ,
thus triggering the formation of SCC crack embryos. Based on the abovementioned mechanism,
hydrogen embrittlement should promote SCC microcracks propagation. Hydrogen supplied by both
the cathodic reaction and the anodic dissolution of the matrix/precipitate interphase can diffuse in the
high stressed zone and promotes brittle crack propagation. The SEM analysis confirms the presence of
several submicrometric precipitates in the correspondence of the brittle areas of the fracture surface.
The iron-rich phases can consequently enhance the hydrogen evolution mechanism, because the
hydrogen overpotential on these phases is lower than that on aluminum. Conversely, the applied
plastic strain enhanced the corrosion rate by means of the chemomechanical effect underlined by
Gutman. This effect is higher at the interface between the matrix and second phases, which acts as an
obstacle to the movement of the dislocations [28,49]. In these zones, the very high dissolution rate of
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the alloy is prevalent, and hydrogen cannot reach the critical concentration to produce cracking. In the
CL tests the attack becomes enlarged and no failure of the specimens were observed. On the other
hand, the only small propagation of microcracks noticed after SSR tests suggests that the final rupture
quickly occurred with a shear mechanism because of the high strain rate at the TMAZ/HAZ. For this
reason, no evident stress-corrosion cracking phenomena were observed.

5. Conclusions

The paper studied the stress-corrosion cracking behavior of AA7075 T6 aluminum joints made by
FSW as a function of loading conditions. SCC tests were performed by considering constant deformation
(4PBB and CL) conditions and SSR conditions in aerated NaCl 35g/L solution at room temperature.

Certain susceptibility to SCC was demonstrated for AA 7075 FSW butt joints tested in this work
mainly at the TMAZ/HAZ as nucleation of crack embryos occurred during both CL and SSR tests.
However, high dissolution rate of the metal inside the localized attack prevents the achievement of
critical crack size to promote its propagation up to rupture.

Slight decrease in the free corrosion potential was noticed because of the modification of the
microstructure introduced by the welding process mainly at the TMAZ/HAZ and the nugget with
respect the base material. As the TMAZ/HAZ zone is characterized by low tensile strength compared to
both the nugget and the base material, it is preferentially strained under loading conditions. The plastic
strain then enhances the active dissolution rate of the metal matrix and severe attack takes place, thus
hindering SCC crack propagation.

The penetration depth of the intergranular attack was deeper after the four-point bent-beam
tests compared to all the other testing techniques. Preferential dissolution along the grain boundaries
was found in heat-affected zones and the attack follows the elongated grain structure along the
rolling direction.
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Abstract: This study examined the effects of alloying elements (C, Mo) on hydrogen-induced
cracking (HIC) and sulfide stress cracking (SSC) behaviors of A516-65 grade pressure vessel steel
in sour environments. A range of experimental and analytical methods of HIC, SSC, electrochemical
permeation, and immersion experiments were used. The steel with a higher C content had a larger
fraction of banded pearlite, which acted as a reversible trap for hydrogen, and slower diffusion kinetics
of hydrogen was obtained. In addition, a higher hardness in the mid-thickness regions of the steel, due
to center segregation, resulted in easier HIC propagation. On the other hand, the steel with a higher
Mo content showed more dispersed banded pearlite and a larger amount of irreversibly trapped
hydrogen. Nevertheless, the addition of Mo to the steel can deteriorate the surface properties through
localized pitting and the local detachment of corrosion products with uneven interfaces, increasing
the vulnerability to SSC. The mechanistic reasons for the results are discussed, and a desirable alloy
design for ensuring an enhanced resistance to hydrogen assisted cracking (HAC) is proposed.

Keywords: steel; hydrogen induced cracking; sulfide stress cracking; sour; hydrogen permeation;
diffusion; corrosion

1. Introduction

Hydrogen assisted cracking (HAC), which is classified into hydrogen induced cracking (HIC) and
sulfide stress cracking (SSC) by the presence and absence of applied stress, is one of the most important
issues in the petrochemical industries [1–5]. In a recent refining system for low-grade crude oil,
the refining temperature and pressure required have increased remarkably. The sensitivity of material
deterioration, caused by the inflow of hydrogen atoms in the steel structures, is becoming higher
than in the past [6,7]. Accordingly, considerable efforts have been made to develop the steel used as
pressure vessel facilities with superior resistance to HAC [7–10]. For this purpose, a variety of technical
solutions, such as de-phospho/sulfu-rization of molten steel [11,12], Ca-treatment [13], cast steel
soft reduction [14], and thermal mechanical controlled process (TMCP) [15–17], have been proposed.
Microstructural modifications by reducing the number of second phases, such as retained austenite (RA),
martensite-austenite constituents (MA), and other hard phases, and their role in improving the HAC
resistance, have been reported [18,19]. Nevertheless, there are uncertainties regarding the relationship
between the alloying elements in the steel and the HAC behaviors, primarily because of the lack of
systematic efforts to understand the HAC behaviors, in terms of the hydrogen diffusion/trapping
behaviors in the steel matrix and corrosion behaviors on the steel surface.

Theoretically, hydrogen atoms, formed by corrosion reactions on the steel surface, can diffuse
easily into the steel matrix with a body-centered cubic (BCC) structure, and become trapped at several
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metallurgical defects with high binding energy [20–22]. According to the internal pressure and
de-cohesion theories, proposed by Zapffe et al. [23], and Troiano [24], respectively, cracks were initiated
by the continued accumulation of hydrogen atoms into local areas and their recombination reaction
(H + H → H2), and propagated easily through the embrittled regions formed by a weakening of
the binding force between Fe-Fe atoms. Therefore, clarification of the physical nature of hydrogen
diffusion and trapping phenomena is critically important. Moreover, the other important feature of
HAC, occurring in sour environments, is the corrosion behaviors on the steel surface. In particular,
the amount of hydrogen infusion and its infusion kinetics can also be controlled by the characteristics
of the corrosion products formed on the steel surface [25,26]. Kim et al. [26] investigated the combined
addition of Cu and Ni on sour corrosion and the HIC resistance of A516 steel in sour environments.
On the other hand, some alloying elements can have both beneficial and detrimental effects on
sour corrosion and HAC resistance of steels in sour environments. Hence, a further in-depth study
is required.

In this study, the HAC resistance of A516 steel, used in pressure vessel facilities, was investigated
systematically, in terms of microstructural modifications, hydrogen diffusion/trapping behaviors,
and surface characteristics, which were dependent on the addition of alloying element of C and Mo
to the steel. Based on the experimental and analytical results, a desirable alloy design concept for
improving the resistance to HAC is suggested.

2. Experimental

2.1. Specimen Preparation and Microstructure Observation

The test material used in this study was a low carbon steel equivalent to an ASTM A516-65 grade
pressure vessel steel plate. Table 1 lists the chemical composition and mechanical properties of the three
tested steel samples. The major differences in the chemical composition among the three samples are
the C and Mo contents. The steel was austenitized by heating to 910 ◦C for 10 min and cooled to room
temperature in air.

Table 1. Chemical compositions and mechanical properties of the three tested steel samples.

Specimens
Chemical Composition (wt.%)

YS (MPa) TS (MPa) Strain (%)
C Mn Si Mo Cr Nb Ti Fe

Steel A 0.16 1–1.5 0.3–0.4 <0.003 <0.05 <0.01 <0.01 Bal. 349.11 512.18 16.22
Steel B 0.13 1–1.5 0.3–0.4 0.01–0.015 <0.05 <0.01 <0.01 Bal. 345.1 487.21 17.55
Steel C 0.13 1–1.5 0.3–0.4 0.05–0.055 <0.05 <0.01 <0.01 Bal. 347.33 492.61 17.22

For microstructural analysis, the samples were polished to 1 μm and etched with a 5% nital
solution (a mixture of 5% nitric acid and ethanol). They were then observed by field emission-scanning
electron microscopy (FE-SEM) (Hitachi, Tokyo, Japan). The fractions of pearlite in the samples were
measured by image analysis via optical microscopy (OM) (Zeiss, Jena, Germany). The morphological
features of the precipitates in the microstructures were observed by transmission electron microscopy
(TEM) (SELMI, Sumy, Ukraine) using the extraction replica method.

2.2. Hydrogen Induced Cracking Test (HIC)

HIC sensitivity of three samples was evaluated by the HIC experiment in reference to the National
Association of Corrosion Engineers (NACE) TM 0284-96A standard [27]. Prior to conducting
the experiment, the samples with 100 mm × 20 mm × 15 mm were cleaned ultrasonically in acetone.
The samples were then immersed in a NACE solution (5% NaCl + 0.5% CH3COOH) saturated fully
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with H2S gas for 96 h. Subsequently, the level of HIC in the samples was evaluated, using an ultrasonic
testing (UT) method, and the crack area ratio (CAR) was derived using Equation (1):

CAR =

∑
Crack area

Total area
×100 (%). (1)

An ultrasonic inspection, a hardness test and microstructure observation were performed according
to the thickness direction, in order to determine the location of cracks and microstructural properties
along the thickness direction.

2.3. Electrochemical Hydrogen Permeation Test

The hydrogen diffusion behaviors in the steel samples were evaluated using an electrochemical
permeation experiment in reference to the ISO 17081 [28] standard. The samples of the sheet-type steel
membrane with a 1 mm thickness were prepared by mechanical polishing with SiC paper (P2000 grit
sand paper). The polished samples were then cleaned ultrasonically in ethanol and distilled water to
remove the impurities on their surfaces. It is generally considered that there is no change in the structure
of the ferritic steel during sample preparation. The prepared sample was placed in the center of
the permeation cell. Prior to the permeation measurement, a thin palladium (Pd) coating layer,
approximately 100 nm thick, was deposited electrochemically on the sample surface in the detection
side of the cell. The sample in the detection side was polarized at a constant potential of 270 mVSCE

in a deaerated 0.1 M NaOH solution. After reaching a background current density below 1 μm/cm2,
a constant cathodic current density of 1 mA/cm2 was applied to the sample in the charging side filled
with a charging solution (NACE + 0.05 M Na2S + 0.3 wt.% NH4SCN). Na2S was added to simulate
the H2S atmosphere at the laboratory level because of the toxic risk of H2S. As the measured permeation
current (rising transient) reached a steady-state value, the application of a cathodic charging was
stopped and the charging solution was drained immediately for the desorption process. Information
about the test procedure is reported elsewhere [29–31].

Preliminary tests showed that the reproducibility of the measured permeation flux in the rising
transients is seldom obtained. Instead, the permeation flux in the decay transients was much
more reproducible. For this reason, the apparent hydrogen diffusivity of the three samples was
obtained by curve fitting with the theoretical Equation (2) [32] to the experimental permeation curves
in the decay transients.

The hydrogen current decay phase,

it − i0
i0 − i∞

= 1− 2L√
πDt

∑∞
n=0

exp

⎡⎢⎢⎢⎢⎣− (2n + 1)2L2

4Dt

⎤⎥⎥⎥⎥⎦ (2)

where D, it, i0, and i∞ are the apparent hydrogen diffusion coefficient, measured hydrogen permeation
current density at time t, initial hydrogen permeation current density, and steady-state hydrogen
permeation current density for each phase, respectively. While, L is the thickness of the steel membrane,
and the number n of 0, 1, 2, 3 could be generally taken for accurate curve fitting.

Two consecutive permeation experiments, involving 1st permeation—Desorption—2nd
permeation, were normally conducted to measure the irreversibly trapped hydrogen concentration
in the sample [28]. On the other hand, it was difficult to completely exclude the effect of corrosion
products with a low electrical conductivity [33], which can be formed on the surface during desorption,
on subsequent hydrogen reduction, ad/absorption, and diffusion in the steel matrix during the second
permeation. Therefore, the authors attempted to obtain the irreversibly trapped hydrogen concentration
in the sample using only a first permeation curve (rising and decay transients) based on the assumption
that the irreversible trapping phenomenon can contribute only to the rising transient. Therefore,
the irreversibly trapped hydrogen concentrations (Cirr) in the samples were estimated quantitatively
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by measuring the area between the two curves of the fitted decay transients with the two Dapp values,
obtained using Equation (3), describing the rising transient and experimental decay transient.

The hydrogen permeation phase:

it − i0
i∞ − i0

=
2L√
πDt

∑∞
n=0

exp

⎡⎢⎢⎢⎢⎣− (2n + 1)2L2

4Dt

⎤⎥⎥⎥⎥⎦. (3)

The total hydrogen trap density values (# of trap site/unit volume) of the samples were determined
using Equation (4) [34],

DL

Dτ
− 1 =

3NT

〈C〉 (4)

where DL, Dτ, NT, and <C> are the lattice diffusion coefficient of hydrogen, diffusion coefficient of
hydrogen in the presence of traps, the number of trap site per unit volume, and average hydrogen
concentration (=JssL/Dapp) obtained from rising transient, respectively. While, DL was determined
to be 3.25 × 10−9 m2/s, which was obtained from American Petroleum Institute (API) grade carbon
steel [35]. This value was slightly smaller than that (7.5 × 10−9 m2/s) obtained from pure iron [36].
Such differences could be caused by the fact that C atoms at the interstitial lattice sites and some
substitutional atoms (C, Cr, Mo, Cu, and Ni), which may form a stress field inside the lattice, can delay
hydrogen diffusion in the steel [34,37].

2.4. SSC Test and Fracture Surface Observation

An SSC experiment was conducted based on NACE TM 0177 [38], and tensile stresses of 85 and
95% vs. yield strength of the steel were applied using the dead-weight method. At the same time,
the samples were exposed to a NACE solution fully saturated with H2S for 720 h. Subsequently,
the SSC susceptibility was evaluated by measuring the time to rupture. Field emission scanning
electron microscopy (FE-SEM) was performed to observe the fracture surfaces of the samples.

2.5. Corrosion Characteristic Analysis

Immersion tests were also conducte4d in the NACE solution with 0.05 M Na2S for four weeks
to analyze the effects of corrosion and corrosion products on the surface of the samples on the SSC
properties. After conducting the tests, the cross-sectional images of the samples were observed by
FE-SEM. X-ray diffraction (XRD) (Bruker, Karlsruhe, Germany) was also performed to characterize
the phases in the corrosion product layer formed on the steel surface.

The nature of corrosion products formed on the sample with the lowest resistance to SSC was
characterized by glow discharge spectroscopy (GDS) and X-ray photoelectron spectroscopy (XPS). GDS
analysis was conducted using a Leco (St. Joseph, MI, USA) GDS-850A spectrometer with Ar plasma
equipped with an RF lamp. The diameter of the analysis area was 4 mm. XPS (VG Scientific Escalab
250 (Waltham, MA, USA)) was performed using monochromatic Al K-alpha radiation (1486.6 eV)
with a 500 μm diameter spot size. A constant analyzer energy mode with 150 eV for the survey and
high-resolution spectra was used.

3. Results and Discussion

3.1. Microstructure Observation

Figure 1 presents FE-SEM images of the microstructures of the three samples. They were composed
of typical ferrite and band-shaped pearlite, but the noticeable differences among the samples were
the fraction, thickness, and distribution of pearlite. As expected from the C contents in the samples,
the fraction of pearlite in Steel A was higher than that in the other two samples (Figure 2). There
were also differences between Steel B and C with relatively low fractions of pearlite. Compared
to Steel B, Steel C showed a high degree of pearlite dispersion in the microstructure, meaning that
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the pearlite banding index, defined previously [39,40], of Steel C was lower. A high degree of pearlite
dispersion in Steel C is closely associated with the addition of Mo in the steel. According to previous
studies [41], the addition of Mo in the low C steel lowers the transformation temperature of γ→α,
leading to larger nucleation sites, and suppresses the diffusion of C during the cooling process due to
the increased super-cooling. A more dispersed banded structure in steel with increasing Mo content
was also reported [42]. The dispersion of pearlite in the microstructure has two opposite effects on
hydrogen assisted cracking (HAC) of steels. The larger interface between ferrite/banded pearlite,
which acts as a reversible trap for hydrogen atoms, leads to increased diffusible hydrogen contents and
has a detrimental effect. The other is a beneficial effect that arises through the limited propagation path
of hydrogen induced crack (HIC). In addition to these two factors, there are a variety of metallurgical
parameters that affect the HAC of steels [42,43]. Further mechanistic discussion, based on the test
results of HAC is needed, which will be presented in the following sections.

Figure 1. Microstructures observed by FE-SEM: (a,d) Steel A, (b,e) Steel B, and (c,f) Steel.

Figure 2. Fractions of pearlite in the microstructures of the three samples, which were measured using
an image analyzer in OM.
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3.2. Hydrogen Induced Cracking (HIC) Test

Figure 3 presents the distribution and level of the occurrence of HIC of three samples, which
were inspected ultrasonically after the HIC standard test [27]. In terms of the crack formation patterns
among the samples, Steel B showed somewhat different characteristics, compared to the other two
samples. A large number of fine cracks formed mostly in a quarter of Steel B in the thickness direction,
which is known as the region where inclusions are mainly formed [44]. In contrast to the sample,
much coarser cracks were formed mostly in the center of Steels A and C, presuming that Steels A
and C had much lower resistance to the propagation of HIC. The crack sensitivity index, expressed
as the CAR, increased in the order of Steel B, Steel C, and Steel A. The susceptibility of Steel A
to HIC can be understood partly by the higher fraction of pearlite, with high banding properties
in its microstructure, as the banded pearlite can act as a main crack propagation path. Moreover,
considering that the interface between ferrite/cementite can act as a reversible trap for hydrogen
(11–17 kJ/mol [45,46]), a higher fraction of pearlite in Steel A can provide a larger interfacial area for
hydrogen trapping, facilitating embrittlement and cracking. Contrary to expectations, Steel C, with
a high degree of pearlite dispersion, was more susceptible to HIC than Steel B. This suggests that
the other factors may have been involved in the occurrence of HIC. It is notable that the locations of
crack formation in the two samples were different. Similar to Steel A, Steel C had coarse cracks formed
at the center region in the thickness direction. From a metallurgical point of view, the microstructure
of the center region of the steel plates is somewhat different from that of surface region owing to
the centerline segregation phenomenon, and some low-temperature transformation phases with
high hardness can be more segregated in the center region of the steel plates. For a more precise
understanding, the Vickers hardness of the three samples was measured in the thickness direction,
and the morphological features of pearlite formed in surface and center regions of the samples were
observed (Figure 4). In the case of Steel A and C, the mid-thickness regions had higher hardness than
the top and bottom regions. On the other hand, no high hardness values were particularly measured
in the center regions of Steel B. Considering the inverse relationship between the hardness level
and HIC resistance [47], the cause of the higher CAR and much more prominent crack propagation
in the mid-thickness region of Steel C, compared to Steel B, is better understood. The detrimental
effects by local areas with high hardness in the mid-thickness region overtake the beneficial effect by
a high degree of pearlite dispersion in the microstructure of Steel C, resulting in lower resistance to
HIC. The presence of local areas with high hardness in the mid-thickness region of Steel A or C can
also be understood by the degenerated pearlite formed in the mid-thickness region of Steel A or C,
as shown in Figure 5. The degenerated pearlite, which is generally referred to as pseudopearlite [48],
can be formed under the condition of limited C diffusion during the cooling process. Lee et al. [49]
reported that the transformation temperature of the 2nd phase (pearlite) decreased sharply from
approximately 600 ◦C to 500 ◦C by the addition of Mo in low alloy steel. Hence, C diffusion was not
quick enough to bring about the complete growth of pearlite. Based on these facts, it is expected that
an increase in C and Mo in these low C steels can form the degenerated pearlite with a higher hardness
in the mid-thickness region due the center-segregation, thereby resulting in a lower HIC propagation
resistance. These HIC properties are also dependent on hydrogen diffusion and trapping behaviors
in steels. These behaviors are discussed in more detail in the following section.
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Figure 3. HIC test results obtained by ultrasonic detection: (a) Steel A, (b) Steel B, (c) Steel C,
and (d) CAR values of the three samples.

Figure 4. Through-thickness hardness distribution: (a) Steel A, (b) Steel B, and (c) Steel C.
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Figure 5. Microstructure observation of Steel C using FE-SEM: (a) surface region, (b) magnified image
of (a), (c) center region, and (d) magnified image of (c).

3.3. Electrochemical Hydrogen Permeation Test

Figure 6 presents the hydrogen diffusion coefficients of three samples, obtained by curve fitting
to the experimental decay transients. The diffusion coefficients increased in the order of Steel A,
Steel C, and Steel B. As mentioned above, the more extensive interface between ferrite/pearlite acting
as a reversible trap [45,46] of Steel A can decrease the diffusion kinetics of hydrogen in the steel.
The highest diffusion coefficient of Steel B can be understood in this context. On the other hand,
the diffusion coefficient of Steel C with a similar pearlite fraction to that of Steel B was lower than
expected. Here, the mechanistic reasons for this phenomenon are proposed as follows. A comparatively
lower diffusivity in Steel C may be closely associated with the distribution of the banded structure.
More dispersed banded pearlite can provide a larger interfacial area for hydrogen trapping, leading
to slower hydrogen diffusion kinetics. The formation of a stress field in the lattice structure of Steel
C could also be one of the plausible reasons. Hydrogen can diffuse into areas where the stress
field is set up [34,37]. The stress field in the lattice structure, which was formed by the difference
in atomic size between Fe and Mo, can also delay hydrogen diffusion/transport with the hydrogen
binding energy of 26–27 kJ/mol [37,45]. These factors are somewhat speculative, and their impacts
on the hydrogen diffusion kinetics may be insignificant. The other factors may also be involved
in the diffusion kinetics. In this context, the irreversible trapping phenomenon was also evaluated,
as shown in Figure 7. The irreversibly trapped hydrogen contents (Cirr) in Steel A and B showed
similar levels within the error range, whereas a much higher level of Cirr was obtained in Steel C with
a higher Mo content. This suggests that additional traps associated with Mo could act as an irreversible
trap for hydrogen, leading to slower hydrogen diffusion kinetics. For a more precise understanding,
TEM analysis was conducted on Steel B and C, and the results are shown in Figure 8. The fine-sized
precipitates of (Ti, Nb) C, classified as an irreversible trap for hydrogen [50], were identified in both
steels. Although, it appears that the precipitates observed in Steel C were slightly smaller than
those observed in Steel B, their density and distribution cannot be discussed from these limited data.
On the other hand, no Mo-based precipitate was observed. Considering that it is generally difficult
for fine precipitates, several nanometers in size, to be extracted using the replica method, Mo-based

410



Materials 2020, 13, 4188

precipitates are too fine to be detected easily. In this case, it would be better for the TEM observation
to be conducted with the thin film sample. Although, the nature of the irreversible traps was not
clearly characterized in this study, a few comments are noteworthy. Steel C had the largest amount of
irreversibly trapped hydrogen among the steels, which was closely associated with the presence of fine
precipitates, resulting in slower diffusion kinetics of hydrogen.

Figure 6. Hydrogen diffusion coefficients obtained by curve fitting to decay permeation curves.

Figure 7. Irreversibly trapped hydrogen contents measured by the area between the two fitted decay
transients: (a) Steel A, (b) Steel B, and (c) Steel C, and (d) bar chart of the irreversibly trapped hydrogen
contents of the three steel samples.
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Figure 8. TEM images showing fine-sized precipitates in the steel matrix: (a) Steel B and (b) Steel C,
and (c) EDS analysis of fine-sized precipitates.

Figure 9 shows the overall hydrogen trap density (NT), considering both reversible and irreversible
trapping, which was derived from Equation (4). The highest NT of Steel A can be understood by
the higher fraction of pearlite, which corresponds to the lowest diffusivity of hydrogen in Steel A,
suggesting that the C content in steels can be a crucial element increasing the hydrogen trap density
and reducing the hydrogen diffusivity. On the other hand, the NT of Steel C was between those of Steel
A and B. The NT of Steel C, which was higher than expected, was attributed to be due to the high level
of irreversibly trapped hydrogen in the steel, as discussed above. In general, the presence of a higher
density of irreversible traps in steel is considered to be due to a higher resistance to HIC as the traps with
a high hydrogen binding energy immobilize the diffusible hydrogen and suppress the local hydrogen
concentrations around potential crack areas [51]. As shown above, however, the HIC resistance of Steel
C was much lower than that of Steel B. In relation to the effects of irreversible traps on the resistance to
HAC in steels, there are additional factors that need to be considered, such as size [52], shape [53],
and coherency with the matrix [54]. These also suggest that the HAC resistance cannot be evaluated
simply by the hydrogen diffusion/trapping parameters obtained from the electrochemical permeation
experiment. Hence, further in-depth analysis is required.

Figure 9. Total hydrogen trap density in the steel.

3.4. Sulfide Stress Corrosion Cracking (SSC) Test

The SSC resistance was also evaluated, and Figure 10 presents the time to rupture of the samples
after the SSC test which was conducted in reference to NACE TM0177 [38]. In the three samples,
the time to rupture decreased with increasing applied stress. Under applied stress of 95% vs. YS of
steel, there was no significant difference in the time to rupture among the samples. On the other hand,
the time to rupture under an applied stress of 85% versus YS of steel decreased in the order of Steel
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B, Steel A, and Steel C. The highest SSC resistance of Steel B is understandable based on the HIC
resistance, Vickers hardness distribution, and hydrogen diffusivity/trap density, as shown above.

Figure 10. Time for rupture of the three samples, obtained by the SSC test.

Regarding the fracture surface showing the micro-dimple (MD) and quasi-cleavage (QC) patterns
(Figure 11), in Steel B, the MD/QC ratio was the largest and the size of the hydrogen induced blister
crack (HIBC) in the fracture surface was the smallest. On the other hand, the time to rupture of Steel C
was much shorter than expected. From the fracture surface observations, the MD/QC ratio of Steel C
was larger than that of Steel A, suggesting that the embrittlement index of Steel C was slightly lower
than that of Steel A. On the other hand, it is notable that surface degradation as a form of local-pit like
corrosion was observed in Steel C. The major difference between the HIC and SSC experiments lies
in the presence of applied stress. Considering the relationship between the applied stress and corrosion
behaviors of steels in sour environments [55], the reason for the lowest SSC resistance of Steel C could
be closely related to the surface properties. Based on the observations of the fracture surface of Steel C,
it appears that pit-like corrosion on the surface acting as a stress intensifier under the applied stress
conditions was connected to the internal HIBC, facilitating rupture. Therefore, it is surface defects,
such as local-pit like corrosion, can make Steel C more susceptible to SSC, and the corrosion behaviors
of Steel C containing Mo should be analyzed further.
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Figure 11. Fracture surface morphologies of the three samples after the SSC test: (a) Steel A, (b) Steel B,
and (c) Steel C, and (d–f) magnified images of the circle marked on (a–c), respectively.

3.5. Corrosion Product Analysis

Figure 12 showed the cross-sectional images of the samples after immersing in a NACE solution
containing 0.05 M Na2S for four weeks. The corrosion product formed on Steel A was thicker than Steel
B and C. The highest growth rate of corrosion products formed on Steel A can be attributed to the highest
rate of anodic dissolution, considering the positive relationship between the rate of precipitation
and the amount of Fe2+ supplied by the anodic dissolution of steel [56]. From the viewpoint of
electrochemical corrosion, the Fe3C contained in steels acts as a cathode, and a higher fraction and
larger size of the cathode lead to a higher dissolution rate of the anode (Fe matrix) [57]. On the other
hand, it appears from the cross-sectional observation of Steel C that the corrosion products were
formed unevenly, presuming that some portions of products were detached locally, and localized
pitting occurred below the corrosion products. Preliminary tests showed that the corrosion product
formed on Steel C had poor adhesion to the steel substrate, and the weight loss rate measured after
three weeks of immersion was the highest in Steel C.

Figure 12. Cross-sectional images after immersion in a NACE solution with 0.05 M Na2S for four
weeks: (a) Steel A, (b) Steel B, and (c) Steel C.

Although XRD analysis (Figure 13) showed that the corrosion products that formed on all three
samples consisted mainly of Fe3O4 and FeS1−x, there is some doubt as to whether the Mo in Steel C can
adversely affect the stability of the corrosion products on the surface. Therefore, additional analyses of
the corrosion products formed on Steel C were conducted. GDS and XPS analyses (Figure 14) showed
that the corrosion products were composed of a mixture of oxides and sulfides. Based on XPS analyses,
the binding energies and relative quantity of compounds for S 2p3/2 spectra of the corrosion product
formed on Steel C were obtained, and they are listed in Table 2. The sulfides were composed mainly of

414



Materials 2020, 13, 4188

FeS1−x, CuS, NiS, and MoS2. A previous study [26] reported that the small addition of Cu and Ni to
steels leads to the formation of thin and dense corrosion products in sour environments, and contributes
to the enhanced corrosion resistance. Accordingly, local detachment of corrosion products with uneven
interfaces, and localized pitting of Steel C may have resulted from the formation of MoS2. Koh
et al. [58] pointed out that the formation of MoS2 in iron sulfide based corrosion products formed
on the low C steel exposed to a sour environment weakens the stability of the sulfide products, due to
the differences in their crystal structures and lattice parameters. Based on these facts, the desirable
alloy design strategy to enhance the HAC of A516-65 steel is proposed as follows. It is preferable that
the C content should be reduced, in order to decrease the fraction of pearlite. Moreover, the optimal
Mo content providing only a beneficial effect (i.e., dispersion of banded structure) on the HAC needs
to be determined.

Figure 13. XRD analysis on the corrosion product layer formed on the steel surface after immersion
test in a NACE solution with 0.05 M Na2S for four weeks.

Figure 14. (a) GDS analysis, and (b) XPS analysis of the corrosion product layer formed on Steel C after
the immersion test in a NACE solution with 0.05 M Na2S for four weeks.

415



Materials 2020, 13, 4188

Table 2. Binding energies and relative quantity of compounds for S 2p3/2 spectra of Steel C after
immersion for four weeks.

Phase Binding Energy (eV) Relative Quantity

S 2p1/2 163.7 0.095 (±0.009)
CuS 162.8 0.207 (±0.021)

MoS2 162.3 0.100 (±0.009)
FeS1-X 161.66 0.374 (±0.037)

NiS 160.79 0.224 (±0.022)

4. Conclusions

The effects of alloying elements (C and Mo) on the HAC properties of ASTM A516-65 grade
steel use, as pressure vessel facilities, were investigated using a range of experimental and analytical
methods. The main conclusions are as follows:

1. The microstructures of the three steel samples (Steel A, B and C) were composed of ferrite
and band-shaped pearlite. A higher C content in the steel resulted in a higher fraction of
banded pearlite. On the other hand, the addition of Mo contributed to the dispersion of
the banded structure.

2. The sample with lower C and Mo contents (Steel B) showed the highest resistance to HIC, with
fine cracks initiated mostly in a quarter of the sample in the thickness direction. In contrast, much
coarser cracks were formed mostly in the center of the other samples with higher C, and Mo
contents (Steel A and C), respectively, and they showed higher susceptibility to HIC. This is
closely associated with the difference in hardness distribution in the through- thickness direction
caused by the center segregation phenomenon.

3. The sample with lower C and Mo contents and a smaller fraction of pearlite (Steel B) had
the highest diffusion coefficient of hydrogen. On the other hand, the diffusion coefficient of
the sample with a higher Mo content (Steel C) was rather high and similar to the case of the sample
with a higher C content (Steel A). Therefore, more dispersed banded pearlite, which provides
a larger interfacial area for hydrogen trapping, the formation of a stress field in the lattice structure
by the difference in atomic size between Fe and Mo, and the presence of irreversible trap site for
hydrogen, are the proposed mechanistic reasons.

4. The sample with a higher Mo content (Steel C), however, showed the shortest rupture time by
the SSC experiment. In contrast to the fracture surfaces of the other samples (Steel A and B),
pit-like corrosion occurred on the surface of Steel C. This was connected to the internal HIBC,
which facilitates rupture under the applied stress conditions. The corrosion products formed
on Steel C, which were composed of FeS1−x, MoS2, CuS, and NiS have an uneven interface with
the steel substrate and were locally detached. These results suggest that the addition of Mo
in the steel should be optimized further to improve the resistance to HAC in sour environments.
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Abstract: Hydrogen accumulation and distribution in pipeline steel under conditions of enhanced
corrosion has been studied. The XRD analysis, optical spectrometry and uniaxial tension tests reveal
that the corrosion environment affects the parameters of the inner and outer surface of the steel
pipeline as well as the steel pipeline bulk. The steel surface becomes saturated with hydrogen
released as a reaction product during insignificant methane dissociation. Measurements of the
adsorbed hydrogen concentration throughout the steel pipe bulk were carried out. The pendulum
impact testing of Charpy specimens was performed at room temperature in compliance with national
standards. The mechanical properties of the steel specimens were found to be considerably lower,
and analogous to the properties values caused by hydrogen embrittlement.

Keywords: trunk gas pipelines; hydrogen embrittlement; hydrogen adsorption; pipeline inner
surface; cathodic protection current; hydrogen distribution

1. Introduction

Metal corrosion is currently one of the most important issues of oil and gas transportation [1].
Cumulative corrosion damage in the oil and gas industry is estimated to be more than $1 billion
annually [2]. At the same time, revenue losses due to repair operations exceed $10 billion annually [3].
The United States Department of Transportation reported one of the major causes of pipeline failure to
be stress corrosion cracking (SCC) [4]. In accordance with the pipeline classification (by soil type and
structure, pressure, temperature, and cathodic protection) accepted by the expert community, SCC is
caused by different mechanisms [5]. Propagation of stress corrosion cracking in a soil with pH higher
than 9 is induced by cathodic protection currents and the coating condition, usually SCC occurs in
carbonate-based electrolytes. The latter represent carbonic acid (H2CO3) which dissociates in water
and forms -CO3 and -HCO3 which also appear in soil due to dissolution of carbon dioxide (CO2) [6].
This SCC mechanism includes intercrystalline fracture caused by the changes in chemical properties
along the grain boundaries. In this case, primary dissolution and decrease in cohesive energy of the
grain boundary inclusions are observed. This SCC mechanism occurs in Australia, Argentina, Iran,
Saudi Arabia, the United States, and also in regions of Central Asia and Kazakhstan [7–9]. In Russia
this mechanism is not observed.
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Propagation of stress corrosion cracking in a soil with pH varying from 6–8 is caused by the
mechanism of transcrystalline fracture that propagates through the grain, regardless of the grain
boundary. Most of the theories explain this SCC mechanism by the synergetic effect caused by hydrogen
dissolution in steel, corrosive medium, strain and adsorption of other substances on the pipeline
inner surface. This results in reduction in the atomic binding energy of the crystal lattice. This SCC
mechanism is observed in Canada, Italy and some regions of Russia and other countries [7–9].

According to [10,11], propagation of stress corrosion cracking in a soil with pH lower than 6 occurs
due to the mechanism of hydrogen permeation in the pipe steel and its hydrogen embrittlement.
Saturation of the steel pipe with hydrogen is possible in acid soil due to the free migration or
electrophoretic mobility of H ions from corrosive environment to the pipe metal provided by the
excessively intensive cathodic protection [12]. This SCC mechanism occurs mostly in China and
Russia [13].

Atomic hydrogen absorbed into steel and diffused in it by the interstitial mechanism, is pressed
from all sides of the crystal lattice except for defects (dislocations, vacancies, grain boundaries),
and tends to be displaced therein. With the increase in the hydrogen amount by hundreds of times,
its molecularization occurs, thereby creating the local pressure greater than 100 atmospheres [14–16].
Moreover, when hydrogen reacts with some of alloying elements, it forms hydrides that bring
these elements out of the functional state of substitutional or interstitial solutions [14–16]. Hydride,
carbide and hydride segregations, which form in dislocations or along the grain boundaries, lower their
mobility and cohesive energy resulting in formation of coalescences with defects [14–16]. In addition,
hydrogen causes reduction in the material hardness changing, the surface energy during the simple
interpolation, i.e., the Rehbinder effect [17]. At the macro-scale level, hydrogen modifies the elastoplastic
properties of steel and facilitates both reduction in its plasticity via hydrogen embrittlement, and
localized plasticization of crack nuclei; in its turn, the localized plasticization facilitates cracks growth [7].

Hydrogen embrittlement is a very serious problem widely discussed by researchers worldwide.
Researchers consider hydrogen embrittlement in relation to development of hydrogen energy
technologies and pipeline transport of hydrogen rather than natural gas [18,19]. Hydrogen permeates
a steel pipe not only from the outside but also from the inside due to dissociation of hydrocarbons
(methane). This is because of either chemisorption of methane, the main gas component [20], on the steel
surface and its transformation on the inner, slightly rusted surface at evaporation or CO2 conversion of
methane [21]. Since VIII group metals Fe, Ni, Co can catalyze dehydrogenation reaction of methane [22],
it is possible for hydrogen to adsorb on the inner surface as a reaction product. The rate of chemical
conversion of methane is not zero even at 100 ◦C, although in industrial conditions it usually occurs at
the temperature above 700 ◦C. This is due to the presence of molecules having higher kinetic energy as
a result of the velocity distribution of gas molecules [23].

It is worth noting that when the products of the dehydrogenation reaction of methane are
withdrawn from the reaction site which absorbs hydrogen atoms, the chemical equilibrium shifts to
the right and, therefore, adsorption is the limiting factor of the inverse reaction [23].

Methane Dissociation

The degree of dissociation of methane (CH4) molecules is determined by their chemisorption on
Ni catalyst. The Gibbs free energy (Table 1) of CH4 decomposition reaction is indicated as:

H4 ↔ C + 2H2 (1)
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Table 1. Standard values of the Gibbs free energy, enthalpy and entropy of formation of substances
involved in Reaction (1) [24].

Substances CH4 C H2

Standard Gibbs free energy, ΔG0, kJ/mole 50 0 0

Standard enthalpy of formation, ΔH0, kJ/mole 74.6 0 0

Standard entropy of formation, ΔS0, kJ/mole 186.19 5.7 130.5

The change in the Gibbs free energy is ΔG = ΔH − TΔS, where H is the enthalpy, T is the
absolute temperature, S is the entropy. This change describes the permissible process of the chemical
reaction [23]. Thus, under the given thermodynamic conditions, the reaction occurs at ΔG < 0 and
does not occur at ΔG > 0. As for the decomposition Reaction (1), ΔH < 0, ΔS < 0 and ΔG < 0 at
T < 929 K. Hence, methane dissociation occurs due to the enthalpy of formation only and is typical for
low temperatures. The literature presents disaggregated data [25] on methane dissociation on iron
oxides and hydroxides. Nevertheless, it can be measured by the upper level of its efficiency using the
data on methane dissociation on Ni catalysts because they are more efficient than Fe [26]. According
to [27], the reaction equilibrium constant of methane dissociation at T = 373 K is written as

K1
p = 0.606× 10−7 (2)

This indicates the absolutely permissible methane dissociation on the inner surface of the pipeline
under the conditions approaching to normal.

As for other permissible transformations of methane, the reactions of combination of methane
and water vapour, carbon dioxide, and oxygen can occur by the following mechanisms [28,29]:

CH4 + H2O↔ CO + 3H2 (3)

CH4 + 2H2O↔ CO2 + 4H2 (4)

CH4 + CO2 ↔ 2CO + 2H2 (5)

CH4 + O2 ↔ C + 2H2O (6)

2CH4 + O2↔ 2CO + 4H2 (7)

CH4 + 2O2 ↔ CO2 + 2H2O (8)

Reactions (2) and (3) are steam methane reforming; Reaction (4) is CO2 conversion; Reactions (5)
and (6) are partial oxidation, and Reaction (7) is complete oxidation or burning of methane.
Reactions (2) and (3) describe the same process, provided that Reaction (3) describes further CO2

conversion. For Reactions (5–7) oxygen is required, however, its content in natural gas is very low [30].
The reactions of methane conversion (2–4) are usually performed at the temperature over 400 ◦C

and 1–4 MPa pressure, in the presence of catalysts [31,32]. This is because of their high activation
barrier due to relatively high energy of methane dissociation or its C–H chemical bonds, such as
the first 435 kJ/mole bond, the second and third bonds 444 kJ/mole each, and the fourth 335 kJ/mole
bond [26]. According to [31,32], Pt, Pd, Co, Ni, Fe and Cu and their oxides are more efficient catalysts
for such reactions.

It is assumed that steam methane reforming consists of two stages:

CH4 + H2O↔ 3H2 + CO (−206 kJ) (9)

CO + H2O↔ H2 + CO2 (+42 kJ) (10)
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The first stage is strongly endothermal and critical to steam methane reforming. Both stages are
reversible reactions.

Measurements of the Gibbs free energy for steam methane reforming demonstrate that ΔG > 0 at
T = 373 K. According to [29], at this temperature, the reaction equilibrium constant for steam methane
reforming is

K1
p = 0.269× 10−19 (11)

Therefore, hydrogen formation on the inner surface and in the depth of the pipe can be explained
by methane chemisorption. This is proven by the data about carbon forming on the inner pipe
surface [33].

In compliance with the national standards [30], the concentration of water vapour in the transported
natural gas composition should not exceed 30 mg/m3. Hydrostatic testing of gas pipelines demonstrates
the water remains on the inner surface of the pipeline in the amount of 30 tons per 100 km owing to its
non-zero wettability and roughness [13]. Despite the traditional purification of natural gas from CO2

with the view to prevent crystallohydrate formation, it may contain up to 30 g/m3 CO2 [30].
The possibility of low-temperature methane transformations is supported by the nature. Thus,

iron is used as a catalyst not only in chemical industry technologies. Obligate methanotrophs are
methane loving microorganisms which receive energy and raw material for cellular structures necessary
for life from methane [34] and oxidize methane such that

CH4 + O2 + NAD(P)H + H+↔ CH3OH + NAD(P)+ + H2O (12)

Methanotrophs use methane monooxygenase (MMO), an enzyme that exists in two forms,
namely the soluble form (sMMO) and the particulate form (pMMO). The active site in sMMO contains
an iron atom, whereas the active site in pMMO utilizes copper [34]. There are several thousand
species of methanotrophs that effectively develop at the temperatures ranging from 10–70 ◦C [34].
Some species of methanotrophs live deep underwater in the arctic region. Therefore thermodynamic
conditions inside gas pipelines with the temperature range of 5–15 ◦C and 25–70 atm pressure and
iron oxides and hydroxides on the inner surface are comparable to methanotrophs thermodynamics.
Most of methanotrophs are aerobic and cannot live inside gas pipelines because of the insufficient
oxygen percentage of 0.001% in transport gas. There are, however, anaerobic methanotrophs which are
currently being investigated [34]. Consequently, the possibility of reaction of methane decomposition
at low temperatures is confirmed by measurements of the Gibbs free energy and metabolic capabilities
of methanotrophs.

The goal of this research is to prove the possibility of hydrogenation of the inner surface of gas
pipelines caused by dissociation of hydrocarbons. A gas reactor is designed to simulate the operating
conditions for the real gas pipeline. Hydrogen accumulation and distribution in steel specimens are
studied in the proposed gas reactor under the conditions of the accelerated corrosion test.

2. Materials and Methods

On the territory of the Russian Federation for the construction of trunk gas pipelines, structural
low-alloy steels of grades 09G2S and X70 are commonly used, since their characteristics allow for
operating under the pressure within the wide temperature range (−70, +450 C), being durable and
resistant to dynamic loads. Therefore, a pipe made of 09G2S steel was chosen as a sample for the
experiment. The production technology of this steel does not imply extensive use of hydrogen at
the stage of dispersal, therefore its initial content in steel after smelting remains negligible. By its
composition, steel 09G2S most closely relates to international analogues—steel grades A 516-55,
A 516-60, A 516-65, A 561 Gr70, produced in the USA. The group of these steels demonstrates resistance
to sulfide stress corrosion cracking (SSCC) and is recommended for the use with acid gases. At the
same time, there is sufficient data on the susceptibility of these steels to stress corrosion cracking [6–9],
which in some cases is also explained by hydrogen damage. Hydrogen-induced cracking (HIC) test
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results demonstrate that high-strength steels are most susceptible to it, and in the series of X52, X60,
X70, and 100XF steels, the latter is most vulnerable. However, X70 also proved to be sufficiently
exposed to HIC, which makes it possible to speak of the possibility of its corrosion stress cracking,
which develops with the help of HIC.

The gas reactor supplying methane-based mixture was designed to simulate the corrosive
environment matching the operating conditions for the real gas pipeline that enabled intensification
of the studied processes increasing the temperature and humidity. The simulation system for
hydrogenation of the pipe inner surface is illustrated in Figure 1.

Figure 1. Simulation system for the inner surface hydrogenation in the intensified corrosion
conditions: 1—reactor, 2—casing, 3—heater element, 4—methane gas canister, 5—pressure
controller, 6—manometer.

Table 2. summarizes the gas mixture components supplied to the gas reactor.

Table 2. Percentage of gas mixture components.

Substance CH4 C2H6 C3H8 C4H10 CO2 H2S

Weight content, % 97 1.5 0.5 10−2 10−3 10−5

The proposed gas reactor is a closed steel pipe prepared for operating under pressure. The steel
pipe has two valves. Valve 1 supplies gas in the reactor, whereas valve 6 serves for gas sampling.
Reactor 1 has a removable pipe section just above heater element 3 which is withdrawn for examination
from the reactor after the experiment. Steel specimens (templates) are then cut from the removable
pipe section and analyzed.

The gas mixture is supplied to the reactor under 40 atm pressure which is measured with
manometer 5. The composition of the gas mixture is given in Table 2. The installation was designed so
that it would be possible to conduct studies of steel samples subjected to aggressive impact both from
the outside and from the inside. However, the goal of this study was to investigate the concentration
and distribution of hydrogen adsorbed in the process of methane chemisorption inside the pipe,
and therefore there was no aggressive action outside.

The 3 kW nickel chromium clamp heater is connected to the temperature controller and two
thermocouples mounted inside the reactor. The thermocouples are accurate to within 0.1 ◦C, with 1◦
accuracy of the controller, and 100 ◦C heating stop temperature. The heater element allows the corrosion
tests to be intensified at various temperatures, because, in accordance with the main statements of
chemical kinetics, it affects the rate of chemical reactions.

In order to conduct the uniaxial tension tests and determine the elemental composition of the
pipe, the electro discharge machining was used to cut off specimens from the pipe center parallel and
normal to the axial direction. The X-ray diffraction (XRD) analysis was carried out on templates 2 mm
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thick cut off from the pipe at various depth. For the uniaxial tension tests, the dog bone specimens
were cut off in compliance with the ISO 6892-84 [29–32], as presented in Figure 2.

(a) (b) 

Figure 2. Specimens dimensions in millimeters: (a)—for elemental analysis, (b)—for uniaxial
tension tests.

The steel specimens were studied in two states, before and after 24-h exposure to the humid
and heating environment. The templates and dog bone specimens were obtained from the treated
specimens for further investigations.

The phase composition of the templates was investigated on the XRD-7000S X-ray diffractometer
(Shimadzu, Japan), and the obtained diffraction patterns were analyzed. Measurements were conducted
using copper radiation (Kα1, Kα2). The operating parameters for the XRD-7000S included 10–90◦ scan
range; 0.0143◦ step angle; 2.149 s exposure time. The XRD patterns were recorded on the OneSight
wide-range array detector with 1280 channels (Shimadzu, Japan).

The qualitative and quantitative elemental analysis of the treated steel specimens was performed
on the GD-Profiler 2 spectrometer (Horiba Scientific, Japan) which combines glow discharge powered
by the radio frequency source with the optical emission spectrometer (RF-GD-OES).

The test machine Com-Ten Industries DFM-5000 was used in this experiment for tensile testing
under the dead load. Metal parts with curved square section 5 × 5 mm2 were cut from pipe and then
were mechanically grinded. Then flat specimens with square section 4.5 × 4.5 mm2 were tested on the
impact pendulum Instron 450MPX impact tester (UK) at room temperature. The impact testing was
carried out in compliance with national standards.

3. Results and Discussion

3.1. XRD Analysis

The XRD analysis of the specimens was performed before and after 24-h exposure to humid and
heating environment. Five specimens were used for each test. The diffraction patterns obtained for
these specimens are given in Figure 3.

426



Materials 2019, 12, 1409

 
2 , degrees 

2 , degrees 

  

α

α
α

α
α

αα

α
α

In
te

ns
ity

In
te

ns
ity

Figure 3. XRD patterns of the steel specimens: (a)—before exposure to; (b)—after exposure.

The analysis of the diffraction patterns demonstrates that all the specimens contain only the α-Fe
phase with the body-centered cubic (BCC) lattice. Table 3 presents the lattice parameters, the average
grain size estimated by the XRD data-based calculations of the size of the coherent scattering region,
and the microstress values.

Table 3. XRD data.

Treatment Phases Phase Composition, vol.% Lattice Parameters Microstress

Before BCC α-Fe phase 100 a = 2.8697 0.001065

After BCC α-Fe phase 100 a = 2.8692 0.000425

As can be seen from Table 3, long-term exposure of steel specimens to the corrosive environment
leads to the microstress relaxation without any changes in the phase composition and lattice parameters.

3.2. Elemental Composition

The elemental composition of the steel templates was examined both on the inner and outer
surfaces of the pipeline. Table 4 summarizes the elemental composition detected by the RF-GD-OES for
the outer and inner surfaces of the untreated specimens. The weight content of the chemical elements
is presented as a result of ten measurements. The relative uncertainty of measurements is about 1%.

Table 4. Elemental composition of the outer and inner surfaces in the untreated specimens.

Chemical Elements
Weight Content, %

(Outer Surface)
Weight Content, %

(Inner Surface)

C 0.078 0.072

Si 0.321 0.352

Mn 1.331 1.266

S 0.002 0.003

Fe 98.268 98.307

The elemental analysis reveals that both surfaces of the untreated specimens are similar. The relative
difference in the weight content is 1%. The elemental composition matches AISI 1513 carbon steel grade.

The RHEN 602 gas analyzer (LECO, USA) is used to measure the absolute hydrogen concentration
in the untreated steel specimens cut off from the inner and outer surfaces and from the bulk.
The obtained results are presented in Table 5. The hydrogen concentration values were obtained
after three experiments. In calculating the standard deviation of the mean, the confidence figure was
assumed to be 0.95; the Student’s coefficient was 4.3.
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Table 5. H content in the untreated steel specimens.

Weight Content, wt.% Outer Surface Bulk Inner Surface

H content 0.00069 0.00067 0.00065

Direct measurement error 0.00005 0.00004 0.00003

Within the measurement uncertainties, the hydrogen concentration in the specimens before the
treatment is similar in all the pipe sections. Table 6 presents the RF-GD-OES data for the elementary
composition of the outer and inner surfaces of the treated specimens. The weight content of the chemical
elements is presented as a result of ten measurements. The relative uncertainty of measurements is
about 1%.

Table 6. Elemental composition of the outer and inner surfaces in the treated specimens.

Chemical Elements
Weight Content, %

(Outer Surface)
Weight Content, %

(Inner Surface)

C 0.075 0.071

Si 0.318 0.339

Mn 1.315 1.331

S 0.004 0.004

Fe 98.288 98.255

According to the elemental analysis, the outer and inner surfaces of the steel specimens exposed
to the corrosive environment are similar. The relative difference in the weight content ranges within
1%. The elemental composition matches AISI 1513 carbon steel grade.

The results of the gas analysis of the absolute hydrogen concentration in the treated steel specimens
cut off from the inner and outer surfaces and from the bulk are presented in Table 7. The hydrogen
concentration values are obtained after three experiments. In calculating the standard deviation of the
mean, the confidence figure was assumed to be 0.95; the Student’s coefficient was 4.3.

Table 7. H content in the treated steel specimens.

Weight Content, wt.% Outer Surface Bulk Inner Surface

H content 0.00020 0.00083 0.00086

Direct measurement error 0.00005 0.00006 0.00004

The gradient hydrogen distribution is observed in steel specimens after their treatment in the
gas environment, humid and heated. On the inner surface and in the bulk of the material the H
concentration is 4 times higher than on the outer surface. The decrease in the hydrogen content on the
outer surface of the pipe after treatment may be due both to the diffusion of hydrogen into the pipe
bulk and to the partial desorption of hydrogen as a result of heating.

The H concentration on the inner surface in the initial steel state is 0.00065 wt.%, whereas after the
gas treatment it is 0.00086 wt.% i.e., hydrogen permeates the steel when subjected to the gas treatment
during heating.

3.3. Uniaxial Tension Tests

The uniaxial tension tests were performed at room temperature. The dog bone specimens were cut
off from the pipe steel in its initial state and after treatment in the corrosive environment. Such cases
are presented in Figure 4.
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(a) (b) 

Figure 4. The stress-strain curves: (a)—before treatment, (b)—after treatment.

Table 8 presents the main parameters of steel specimens before and after treatment.

Table 8. Main parameters of steel specimens in different states.

Before Treatment After Treatment

Proportional limit strength ± 20, MPa 352 296

Elastic limit strength ± 20, MPa 352 296

Yield strength ± 20, MPa 352 300

Tensile strength ± 20, MPa 494 462

Maximum percent elongation ± 0.1, % 32 27

According to Table 8, the effect from the humid gas environment on the heated specimen results in
significant degradation of its mechanical properties. Thus, the values of the proportional limit strength,
elastic limit strength and the yield strength are reduced by 20%; tensile strength decreases by 7% and
the maximum percent elongation decreases by 18%.

3.4. Pendulum Impact Testing

The pendulum impact testing of Charpy specimens was carried out at room temperature in
accordance with the national standards. The impact testing results are summarized in Table 9.

Table 9. Fracture toughness of steel specimens in different states.

Resilience KCV, J/cm2 Initial State State after Treatment

KCV ± 20 355 345

The impact tests reveal that the resilience of the untreated and treated specimens is 355 and
345 J/cm2 respectively. These values are averaged by three dimensions for each specimen. There is no
serious change in both states of specimens due to the low H concentration which does not exceed the
solubility limit of hydrogen in steel. The impact of aggressive environment and the accumulation of
hydrogen influence on the behavior of the material in the process of uniaxial stretching. However,
these factors did not affect the behavior of the material when tested for impact strength. The reasons
for this will be investigated further.
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4. Conclusions

The effect the corrosive environment produces on the structure, elemental composition, mechanical
properties and the impact toughness of the pipe steel have been studied. The XRD analysis,
optical spectrometry and uniaxial tension tests revealed that the corrosion environment affects
the parameters of the inner and outer surfaces of the steel specimens as well as the steel pipeline bulk.

In the initial state, on the inner surface of the specimens H content was 0.00062 wt.%, whereas after
exposure to the corrosive heating environment it reached 0.00086 wt.%. That indicated hydrogen
permeation in the steel during the experiment. Hydrogen accumulation resulted in steel embrittlement
proven by the mechanical tests.
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Abstract: The stress corrosion cracking is the central issue for high-strength wires under high
tensile stress used in civil engineering. This paper explores the resistance of stress corrosion
cracking of three typical steel wires of high-strength carbon through a laboratory test, combining
the actions of tensile stress and corrosive solution. Besides, the impact of tensile stress and
immersion time are also investigated. During the tests, the wires were subject to electrochemical
measurements of potentiodynamic polarization and electrochemical impedance spectroscopy, and the
microstructure analysis was performed on the fractured cross sections. The obtained results show the
following: the high-strength wire, conforming to GB/T 5224, has higher resistance to the combined
actions of tensile stress and corrosive solution; tensile stress of 70% fracture strength and longer
loading-immersion time make the film of corrosion products on steel surface unstable and weaken
the corrosion resistance; the surface film consisted of the iron oxide film and the corrosion products
film whose components are mainly iron thiocyanate and iron sulphide.

Keywords: high-strength wires; stress corrosion cracking; potentiodynamic polarization;
electrochemical impedance spectroscopy; metallography; fracture morphology

1. Introduction

Due to the high bearing capacity and stiffness, the prestressed concrete (PC) structures are widely
used in large-span building, bridge and hydraulic structures [1]. The PC structures adopt either
bonded or unbounded systems and are usually considered to acquire sufficient durability due to the
limitation of concrete cracking and appropriate protection measures for the high-strength wires and
strands [2,3]. However, prestress failures in PC structures have been reported in literature. Schupack
and Suarez [4] showed, through an investigation from 1978 to 1982 in USA, about 50 PC structures had
undergone different degrees of corrosion, among which 10 cases were caused by stress corrosion or
hydrogen brittleness. Hydrogen is introduced by the improperly pickling process in general. As for
the hydrogen-induced stress corrosion cracking mechanism, Vehovar et al. [5] reported its cause as the
embrittlement of the prestressing tendons due to the penetration of hydrogen atoms, generated by
hydrogen reduction at the alloy’s surface. Enos and Scully et al. [6] used a simulated steel-concrete
interface and laboratory-scale prestressed concrete pilings to study the safe cathodic protection limits
for prestressing steel in concrete about hydrogen embrittlement. Moreover, the dislocations in the
prestressing tendons relative to the production process and heat treatment are sensitive to hydrogen
embrittlement. On this basis, Gertsman [7] and Jaka Kovac et al. [8] studied and characterized the
intergranular SCC (IGSCC) processes. The results show that geometrical parameters and chemical
parameters play an important role in the intergranular stress corrosion cracking of materials.
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Walter [9] reported 242 cases of prestress failure, from 1951 to 1979, among which a large portion
were attributed to the environmental actions. Among these failure causes, the stress corrosion cracking
(SCC) is always a main engineering concern as it reduces the fracture strength of high-strength steel
wires, leading to unexpected brittle failures of PC structures [10,11]. Moreover, the SCC can be sensitive
to the aggressive agents present in the corrosive environments [12].

The SCC is caused by the combined action of stress, environmental agents and metal components,
and the widely accepted mechanisms include the surface (depassivation) film of wires is broken jointly
by the tensile stress and the environmental actions; the freshly exposed steel surface serves as the
anode dissolved at the crack tip, leading to the steel fracture [13,14]. The conventional test methods
include the deformation, sustained loading and slow strain rate testing [15]. During the mechanical
loading, the electrochemical methods have been used to characterize the SCC process, identifying
the susceptibility potential range for prestress wires [8,16] and detecting the stress corrosion fracture
of a stainless steel through the phase shift of electrochemical impedance spectroscopy (EIS) [17].
As for the corrosive environment, a SCC test method was developed by the International Prestressed
Concrete Federation (FIP, now merged into fib), using ammonium thiocyanate (NH4SCN) solution as
the corrosive environment for SCC test. This method has been standardized by ISO 15630 [18] and
GB/T 21839 [19]. Perrin et al. [20] used this method to investigate the SCC mechanisms together with
detection of EIS, electrochemical noise and metallographic analysis, and confirmed the validity of this
method for SCC investigation.

Nowadays, high-strength steel wires for civil engineering use are usually classified following the
mechanical properties including the rupture strength and the elongation, with a rough account for
chemical compositions [21–23]. However, the SCC risk of high-strength steel is rather sensitive to
the chemical composition. Thus, the SCC performance should always be investigated with respect to
the environmental actions and steel chemical compositions. Accordingly, it is of interest to compare
the SCC performance for streel wires with similar chemical compositions from different standards.
To this purpose, this study retains three steel wires, conforming to BS 5896 [21] and GB/T 5224 [22],
and investigates the SCC resistance of these wires through stress-immersion tests and the role of stress
on the electrochemical behaviors.

2. Experiments

2.1. Material and Composition

The samples used in this investigation were central wires of prestress strand. Three kinds of
samples were chosen: Sample A from Jiangyin, China, Walsin steel cable Co., Ltd., conforming to BS
5896 [21] and using C86D2 grade steel [24] and Samples B and C, according to GB/T 5224 [22] and
using YL87B grade steel [25] but from different manufacturers (Xinhua Metal Products Co., Ltd., Xinyu,
China and, Walsin steel cable Co., Ltd., Jiangyin, China respectively). The chemical compositions
of steel samples were determined by GB/T 4336 [26], and the results are given in Table 1. Besides,
the measurement uncertainty for chemical composition is given in Table 2.

Table 1. Chemical composition of steel wires (mass fraction)/%.

Wire C Si Mn P S Cr Ni Cu V

A 0.870 0.235 0.694 0.0184 0.0121 0.007 0.009 0.012 0.007

B 0.875 0.253 0.795 0.0188 0.0113 0.190 0.010 0.024 0.005

C 0.886 0.267 0.837 0.0202 0.0109 0.280 0.014 0.031 0.004
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Table 2. Measurement uncertainty for chemical composition (%).

Wire C Si Mn P S Cr Ni Cu V

A 0.0229 0.0116 0.0167 0.0017 0.0016 0.0031 0.0012 0.0015 0.0052

B 0.0230 0.0121 0.0185 0.0017 0.0015 0.0069 0.0013 0.0024 0.0089

C 0.0233 0.0125 0.0194 0.0018 0.0016 0.0087 0.0016 0.0028 0.0107

2.2. Specimen Preparation

The rupture strength f t of wires, A, B and C, were measured through axial tension loading tests
on three specimens for each wire in lab-air environment, and the average values were retained as its
fracture strength: 1971 MPa, 2106 MPa and 2088 MPa for Wires A, B and C, respectively. The relative
composite measurement uncertainty for fracture strength values 1971 MPa, 2106 MPa and 2088 MPa is
0.699%, 0.722% and 0.718% respectively.

For the immersion tests, the sample length is 1280 mm, twice as long as the immersion part in
the solution, and the diameter of sample is 5 mm. The NH4SCN solution was prepared by dissolving
200 g of analytically pure NH4SCN in 800 mL of distilled water. The stress corrosion testing device
is composed of a loading frame and an immersion pool; see Figure 1. During the immersion tests,
electrochemical measurements were performed for the steel wires in immersion.

 

Figure 1. Experimental setup for accelerated corrosion tests for prestressed wires.

2.3. Test Procedure

The samples were wiped, degreased with acetone (CH3COCH3), and air-dried. At least 50 mm in
length parts at both ends of the samples were coated with sealant to prevent corrosion. The samples
were loaded to 70% of the rupture strength and the loading was sustained, with variation controlled
within +2%, during the entire test duration. After loading, the container was sealed to prevent
leakage, and the solution was replaced after each test. The NH4SCN solution (Tengtai Chemical
Technology Co., Ltd., Suzhou, China) was first deoxidized by introducing nitrogen gas during 2 h,
then pre-heated to 50–55 ◦C, and injected into the container and kept at a constant temperature.
The solution was filled within 1 min, covering the surface of sample and kept stagnant during the stress
corrosion tests. The following cases were tested: (1) Samples A, B and C under stress level 70% f t with
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loading-immersion duration 10 min; (2) Samples A under free stress (0% f t) with loading-immersion
duration 10 min, and stress level (70% f t) with loading-immersion duration 30 min.

During all these tests, the potentiodynamic polarization and EIS (Chenhua Instrument Co.,
Ltd., Chi600E, Shanghai, China) were used to characterize the corrosion behavior of steel wires.
The electrochemical measurements were performed via a three-electrode system containing a
stainless-steel auxiliary electrode and a saturated calomel electrode (SCE) as reference, and the potentials
hereafter refer to the SCE. The prestressed steel wire, acting as working electrode, was immersed in
NH4SCN solution with an exposed working area of 100 cm2. The electrochemical tests were conducted
when the open circuit potential (OCP) of the working electrode became stable. The scanning potential of
the anodic polarization curve was−1.5–1.0 V vs. OCP, and the scanning rate was 5 mV/s. The sinusoidal
voltage excitation signal with disturbance amplitude of 5 mV vs. OCP was used for EIS testing, and the
frequency range was 105–10−2 Hz. All the electrochemical measurements were repeated three times
for good reproducibility, and a typical group of data were selected to study for clarity.

3. Electrochemical Analysis

3.1. Potentiodynamic Polarization Analysis

The potentiodynamic polarization results are given in Figure 2 and Table 3. For the cases of
loading-immersion duration of 10 min, the potentiodynamic polarization curves of wires B and C
were on the left side of Wire A, and the curves of B and C were rather close. For the case of Wire A of
loading-immersion duration 30 min, the polarization curve of wire A moves towards the bottom right,
and the stable range becomes narrower, indicating that longer exposure time promotes the anodic
dissolution of steel and the corrosion resistance is weakened [27,28]. Furthermore, compared to the
A—10 min case, the case of A-without stress presents a left-upward shift in the polarization curves,
showing wider range of the stable interval and the degree of corrosion was minimized [29].

In Table 3, the corrosion potential (Ecorr), corrosion current density (icorr), anodic Tafel slope (ba)
and cathodic Tafel slope (bc) values were taken from the polarization curves in Figure 2. Compared to
the cases B, C—10 min, the case A—10 min has lower Ecorr, ba and bc values but larger icorr values.
By extending the loading-immersion time from 10 min to 30 min (Case A—10 min to Case A—30 min),
the value of icorr increased from 1.28 × 10−2 A/cm2 to 1.90 × 10−2 A/cm2, due to the Ecorr descended
from −315.5 to −349.0 mV vs. SCE. Compared to Case A—10 min, the stress-free case, A-without stress,
has the Ecorr value increased from −315.5 mV to −290.3 mV and icorr decreased from 1.28 × 10−2 A/cm2

to 0.34 × 10−2 A/cm2. From these values, the current density of A was higher than those of B and C
under the same corrosion conditions, which indicates that wires B and C had lower corrosion rate
via the immersion tests. Moreover, for wires A, the current density increased with the application of
tensile stress loading and longer loading-immersion duration, indicating that the corrosion process was
accelerated. Tang [30] studied the effect of stress on corrosion of X70 pipeline steel in neutral solution
with microzone electrochemical method. They found that the corrosion rate increased significantly
with the stress loading, which confirmed that stress promoted the occurrence of corrosion.

Table 3. Electrochemical parameters of polarization curves of prestressed steel wires.

Steel Wire Cases
Ecorr icorr ba bc

(mV vs. SCE) (10−2 A/cm2) (V/dec) (V/dec)

A 70% f t, 10 min −315.5 1.28 25.76 13.45
A 70% f t, 30 min −349.0 1.90 12.13 9.55
A 0% f t, 10 min −290.3 0.34 85.31 23.34
B 70% f t, 10 min −286.1 0.65 64.13 15.63
C 70% f t, 10 min −281.2 0.51 58.46 18.03
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Figure 2. Potentiodynamic polarization curves of steel wires in NH4SCN solution.

3.2. EIS Analysis

Figure 3 provides the experimentally obtained Nyquist curves and the EIS of response evolution
of the corrosion products in different cases. Nyquist curves for the prestressed wire samples showed
the similar characteristics. All of the Nyquist curves showed incomplete depressed semi-circular arcs
that were affected by the frequency dispersion, and inductive shrinking occurred in the low-frequency
zone, showing that such adsorbents as ferro-thiocyanate film existed on the steel surface and the
corrosion was activated during this frequency range [26]. Under the same stress-loading duration (A,
B, C—10 min cases), the Nyquist curves showed that the capacitance arc magnitude of B were larger
than those of A and C, which suggests a more compact film of corrosion products was formed on the
surface of B and the corrosion resistance of B wire is better than A and C wires. The polarization curves
are extrapolated from the dynamic electrode behavior of strong polarization, while the EIS is measured
under the stable equilibrium state. Therefore, the behavior of the electrode in static equilibrium can be
better characterized by EIS results.

Further, as the loading-immersion time increases, from 10 min (A—10 min) to 30 min (A—30 min),
the capacitance arc magnitudes are basically the same. By comparing the Nyquist curves of stressed
wires (A, B, C under 70% f t) and stress free wire (A, 0% f t), it was found that the capacitance arc
magnitude of stress free wire A is much larger than the wires (A, B, C) under 70% f t tensile stress,
indicating that the tensile stress promotes substantially the occurrence of corrosion. This observation is
consistent with the anodic polarization curves in Figure 2. In Figure 3, the Zre values, real part of the
impedance, were not the same for different wires. This is due to the fact that the NH4SCN solution was
replaced and refilled into the accelerated corrosion container after each individual wire test, resulting
in a slight change in the corrosive environment. However, this change in Zre value does not change the
judgement on the role of tensile stress.

The polarization resistance can be obtained from low frequency impedance, which determines the
change in transfer resistance [31]. As shown in Figure 4a, when the influence caused by the change
of solution impedance was ignored, the Bode curves of different wires revealed that the impedance
modulus of Wire C in the low frequency region was slightly higher than that of Wire A under the same
loading-immersion duration. Moreover, the impedance modulus of B was much higher than those of A
and C, which indicates that the surface film resistance of B was higher and a significant charge transfer
resistance of Wire B was created; therefore, the corrosion resistance of Wire B was higher than Wires A
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and C. Figure 4b shows the phase angle of three stressed wires (A, B, C—10 min) increased with the
frequency under the same stress-corrosion time. The peak value of C was the highest, showing that the
surface was smoother, and the pitting corrosion was inhibited. With corrosion time prolonged from
10 min to 30 min, the impedance modulus and phase angle of Wire A decreased, and the corrosion
resistance decreased accordingly. When Wire A is under stress-free condition, the resistance of the
surface film in the low frequency region was larger than the stressed case of A—10 min, and the
resistance decreased also with frequency. Meanwhile, the peak value of stressed A—10 min was lower
than the stress-free case, indicating that the formation of compact products was inhibited under tensile
stress, and the product film was rougher.

Z

Z

Figure 3. Nyquist curves of steel wires of different cases in NH4SCN solution.

The models in literature [32–34] are used to describe the electrochemical processes of the surface
films exposed to different conditions, and interpret the obtained EIS curves, see Figure 5. In the figure,
Rsol represents the resistance of the solution, the constant phase angle element CPE1 corresponds to the
double-layer capacitance of the interface between the sample surface and solution, R1 represented the
charge transfer resistance, R2 was the surface film resistance, the constant phase angle element CPE2
was used as a substitute for the surface film capacitance, and n represented the dispersion exponent.
Through this model, the electrochemical parameters can be regressed to represent corrosion kinetics for
different cases. In general, the electron transfer resistance determines the impedance at low frequencies,
the solution resistance determines the impedance at high frequencies, and the electrochemical corrosion
kinetics can be extrapolated by the low frequency impedance.

Due to the heterogeneity of the surface film [35], a constant phase element (CPE) is used to
represent the non-ideal capacitance responses of the interface. The CPE was defined as,

ZCPE =
1

Y0( jw)n (1)

where Y0 is the admittance magnitude of CPE; ω is the angular frequency; j is the imaginary number
(j2 = −1) and n is the exponent (−1 < n < 1). Y0 and n can be converted into CPE. The n value is
interrelated to the heterogeneity and smoothness of the surfaces. When n values are close to 1, the CPE
will approach an ideal capacitance.

The parameters are regressed and given in Table 4 from the EIS data for steel wires in different
cases. Under the same stress-corrosion time (70% f t, 10 min), the R1 value of Wires B and C are higher
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than Wire A, indicating the transfer of electrons is more difficult in Wire B and C. Therefore, Wires B
and C show better resistance to the redox reaction of corrosion relative to A. The R2 value of Wire
B is the highest among A, B, C—10 min cases, which means that Wire B has the largest surface film
impedance and highest compactness. Compared to Wires B and C, the CPE1 and CPE2 values of Wire
A are slightly higher, showing Wire A is more prone to corrode. The values from A—10 min and
A—30 min cases show a general decrease of resistance and capacitance values, indicating the charge
transfer processes were promoted with the immersion time from 10 min to 30 min.

Z

 

Figure 4. Bode curves of steel wires immersed in NH4SCN solution: impedance modulus (a) and
impedance angle (b).

The R1 values of Sample A cases showed the longer loading-immersion duration, in immersion
solution, tends to decrease R1 value, in other terms, promote the electron transfer and weaken the
corrosion resistance. The R2 values decreased accordingly by longer loading-immersion duration
and tensile stress, possibly attributed to the deterioration of surface film. The evolution of CPE1 and
CPE2 increased with prolonged loading-immersion time, indicating that the surface film formed under
prolonged loading duration leads to capacitive behaviors, and the corrosion resistance is deteriorated.
In addition, with the increase in loading-immersion duration, n (n1, n2) values of the double layer
capacitance and the surface film capacitance decreased, respectively. These observations confirm that
the corrosion of steel wires was gradually intensified. Finally, when comparing the stress-free case of
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Wire A with other stressed cases, one gets a similar Rsol value but a much higher R1 value in Table 4,
meaning the electrons transfer resistance in stress-free wire A is much higher than those stressed
wires (A, B or C). When pitting corrosion occurred on the surface of the stressed wire, the potential
of pitting corrosion area was lower than that of other parts, which resulted in the area that became
active and provided crack core for stress corrosion. The concentrated stress made the crack tip and the
surrounding area yield deformation, and then the micro-slip destroyed the surface film of the crack tip
again, which accelerated the dissolution of the tip. At the same time, because of the existence of micro
cracks, the corrosion resistance of the surface film deteriorated, and the electron transfer resistance
decreased. This observation confirms further that the tensile stress, 70% ft, substantially decreased the
surface electron transfer resistance, thus promoting the SCC of the wires.

.
Figure 5. Equivalent electrical circuit used to represent the measured EIS data.

Table 4. Fitting parameters for experimental EIS of wires immersed in NH4SCN solution.

Steel
Wire

Cases
Rsol

(103 Ω cm2)
R1

(103 Ω cm2)

CPE1
R2 (103 Ω cm2)

CPE2

Y0/(10−4 Ω−1 cm2 Sn) n1 Y0/(10−4 Ω−1 cm2 Sn) n2

A 70% f t,
10 min 0.26 0.32 1.035 0.95 0.47 1.29 0.91

A 70% f t,
30 min 0.24 0.29 0.63 0.82 0.42 1.58 0.84

A 0% f t,
10 min 0.53 1.23 0.11 0.97 0.82 1.19 0.95

B 70% f t,
10 min 1.86 0.46 0.29 0.96 0.58 1.14 0.93

C 70% f t,
10 min 0.67 0.42 0.23 0.95 0.52 1.08 0.92

4. Microstructure Analysis

4.1. Metallography

The microstructure of high strength wires was observed by metallography microscope (Olympus
GX51, Tokyo, Japan) (Magnification factor: 50×–1000×, Light source: 6V30WHAL halogen lamp)
before the corrosion test. Figure 6 shows the metallographic microstructures of Wires A, B and C:
All the three wires are composed of sorbite, product of austenite isothermal transformation, having
eutectoid structures of alternate thin layers of ferrite and cementite. The sorbite lamellae size of B and
C is finer; the grain boundary defects are accordingly reduced, and the corrosion resistance is expected
to enhance. The results are consistent with Ren’s study [36].

The ferrite and cementite were grey-white in Figure 6, and the interface between them was
black. The three wires all had sorbitization treatment applied to ensure a high degree of strength and
toughness. When the wires are produced, chemical composition adjusting is often used to reduce the
lower limit temperature of sorbite transformation and avoid the occurrence of bainite and martensite.
Generally, the alloying elements Mn, Cr, Ni and Cu will improve the stability of austenite and delay
the decomposition of austenite. As shown in Table 1, the carbon content of Samples A, B and C is
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similar while the Mn, Cr and Cu contents of Wires B and C are higher. Therefore, the completion of
the sorbite transformation is prolonged, the precipitation of eutectoid ferrite and pearlite is reduced,
and the termination temperature of the sorbite transformation is also significantly decreased; all these
factors give Wires B and C higher tensile strength. In addition, the surface film of wires B and C formed
by the corrosion was more compact due to the higher content of Cr and Ni. The corrosion resistance
was improved, which was consistent with the anodic polarization curve and EIS conclusion.

  

  

Figure 6. Metallographic microstructures of three high strength wires: Wire A ×500 (a) and ×1000 (b),
Wire B ×500 (c) and ×1000 (d), Wire C ×500 (e) and ×1000 (f).

4.2. Fracture Surface

The fracture cross sections of the three wires (A, B, C—10 min) under 70% ft tensile stress
were observed by Scanning Electronic Microscopy (SEM, Quanta 250 FEG, Hillsboro, OR, USA).
The acceleration voltage was 20 kV, and high vacuum mode was <6 × 10−4 Pa, resolution was 1.2 nm;
see Figure 7.
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Figure 7. SEM images of rupture surface of wires: (a,b) wire A, (c,d) wire B, (e,f) wire C, (g) corrosion pits.
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The fractographic and SEM images in Figure 7 confirmed that the macroscopic fracture of all
three wires under stress corrosion is of brittle nature. These fracture surfaces present radial pattern
without plastic deformation. The splitting surface is strip-like, and the end of the fracture is radial
from the section center to the periphery, which was consistent with the literature observations [37,38].
Under higher magnifications, all sections showed more characteristics related to corrosion: the corrosion
pits on the sections are generally deep and narrow, and the surface fractures develop into the solid
matrix of steel. These fractures were developed from the microcracks on the wire surface extended along
the wire length and tension, results of tensile stress and NH4SCN solution. Some cracks, torn edges
and quasi-cleavage fractures are found on the wire surface in the crack growth area. The fractography
analysis of these fractures attributes the major pattern to be trans-granular.

Energy spectrum (EDX) was used to analyze the chemical composition of inclusions in the fractures
in Figure 8: Wire A has carbides non-metallic inclusions while Wires B and C had oxide non-metallic
inclusions. The existence of non-metallic inclusions in the samples destroyed the continuity of the
metal matrix structure, which deteriorates the mechanical properties of all the wires. These inclusions
can be the crack nucleation sites, which promotes the fracture propagation in solid matrix of granular
nature, especially under the high level of tensile stress.
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Figure 8. EDX analysis of the fracture inclusions on cross sections of high-strength wires: (a) A, (b) B
and (c) C.
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4.3. Corrosion Products

The original oxide film defects of steel wire were split to expose the fresh metal under tensile
loading. The exposed substrate and the oxide film around the defects formed a corrosion source in
NH4SCN solution. The exposed fresh metal acted as anode while oxide film acted as cathode, which
led to an increase in the corrosion rate. The corrosion products film is formed in the anodic dissolution
process, and the defects trigger continuously under tensile loading leading the film to be deteriorated.

Some ferric iron formed in the anodic dissolution process, and the reaction of ferric iron in solution
containing thiocyanate produces ferro-thiocyanate compound, i.e., Fe3+ + xSCN−→[Fe(SCN)x]3−x.
The ferro-thiocyanate compounds form on the steel surface and will promote the anodic dissolution of
steel [30]. From the available EIS and other results in this study, the film becomes loose, and the surface
of the steel wire becomes rougher under tensile loading. The decreased transfer resistance and the
sharp increase of corrosion current under tensile stress indicate that the film was rapidly deteriorated,
which is confirmed also by potentiodynamic polarization curves.

Figures 9 and 10 showed the SEM microstructure and the energy spectrum analysis of prestressed
steel wire surface after corrosion in NH4SCN solution, respectively. The surface film consisted of the
original iron oxide film and the corrosion products film whose components are mainly iron thiocyanate
and iron sulphide. The original iron oxide film was dense while the corrosion products film was rough
and loose.

Figure 9. SEM microstructure of prestressed steel wire surface in NH4SCN solution.

The steel wires with similar chemical composition were selected to study the stress corrosion
behavior in this paper. The results showed that they had different corrosion resistance in the same
corrosion environment. It indicated that even if the contents of Cr, Ni and Cu increased slightly,
the performance of corrosion product film on the wires surface would be affected. Meanwhile,
stress corrosion is the result of multiple factors synergy, such as composition and microstructure. Thus,
in order to improve the stress corrosion resistance of steel, it is necessary to improve many aspects.
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Figure 10. Energy spectrum of prestressed steel wire surface in NH4SCN solution: (a) corrosion
products film, (b) original iron oxide film.

5. Conclusions

1. The electrochemical measurements show that, with loading duration, the corrosion current
density increases, and the corrosion resistance is weakened. The results from polarization curves
and EIS are consistent with those from corrosion morphologies.

2. The tensile stress leads to a more unstable corrosion products film formed on the steel, which means
worse flatness and compactness. The stress substantially decreased the surface electron transfer
resistance, thus promoting the corrosion of the high strength wires.

3. The surface film consisted of the original iron oxide film and the corrosion products film, whose
components are mainly iron thiocyanate and iron sulphide.

4. The corrosion-resistance performance of the wires, conforming to GB/T 5224, is better than the
selected wire conforming to BS 5896.

5. The corrosion resistance of steel wire will be affected by the change of chemical composition.
Stress corrosion is the result of multiple factors synergy, such as composition and microstructure.
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Abstract: In this work 144 reinforcing bars of high-ductility steel named B500SD were subjected to an
accelerated corrosion treatment and then tested under tension at different loading speeds in order
to assess the effect of corrosion on the ductility properties of the rebars. Results showed that the
bars with a corrosion level as low as the one reducing the steel mass by 1% gave rise to a significant
degradation on the ductility properties when a high loading speed was applied in tensile tests. In that
case, the equivalent steel concept is useful to reduce the destabilising effect. Thus, the research
significance lies in the assessment of the influence of the loading speed at which the tensile test is
performed for the reinforcement bars that largely depends of the ductility criteria used.

Keywords: corrosion; ductility; mechanical properties; reinforced concrete; tensile strength;
equivalent steel

1. Introduction

Corrosion of steel rebars is one of the most common deterioration mechanisms identified in
reinforced concrete structures. Such corrosion, whether induced by carbonation, chlorides or another
attack, affects the overall serviceability and durability of the structure with consequences such as a
reduction of the effective cross-section of the steel rebars, cracking and spalling of the concrete cover
and the degradation of bond strength [1–3].

In the case of chloride corrosion, the attack is mostly local and commonly known as pit corrosion.
These chlorides can be found in sea water, industrial wastewater, and, among others, deicing salts [4].
Corrosion occurs after the depassivation of the alkaline barrier when sufficient oxygen and moisture
are available. Then the passive film is locally destroyed and a process of local corrosion is initiated.
The crucial amount of chlorides needed to interrupt the passive cover is 0.4%–1% by mass of cement
as an appropriate chloride threshold [5].

Over the last years more and more qualitative and quantitative research has been carried out
about the reduction of the steel bars effective cross-section areas through tensile tests run by chloride
corrosion. The Spanish Structural Concrete Code EHE-08 and the Eurocode EC-2 [6,7] require limited
values in the mechanical properties of high-ductility steel in terms of both strength and strain. The rebar
strength has a significant influence on the structural strength of concrete reinforced members and the
codes require minimum values for the steel yield strength and maximum tensile strength. Additionally,
due to the consideration of dynamic and seismic actions, consideration of properties in relation to the
steel ductility is also required. It is essential that an effective method to reflect the relationship between
the mechanical and ductility property of steel bars and the corrosion be found [8–11].
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One way in which ductility can be considered is in relationship with the fracture energy that is
the area covered by the strain-stress curve. This energy depends on the plastic deformation capacity of
steel up to breaking point. The higher the area, the higher is the capacity of steel to dissipate energy
under dynamic loads. In addition, for dynamic and impact loads, the speed at which the load is
applied is important.

The Codes EHE-08 and EC-2 require that the steel bars meet ductility properties based on total
elongation at maximum force (Agt) and the ratio between tensile strength and yield strength (Rm/Re).
Table 1 shows the limits of those parameters as required by the EHE-08 code in order to qualify the steel
as of high ductility according to standard UNE 36065:2011 [12]. In addition, although the percentage
elongation after fracture (Au,5) is included in this code, it is not considered in other codes.

Table 1. Requirements of the EHE-08 code for B500SD steel.

Re (MPa) Rm (MPa) Rm/Re Agt (%) Au,5 (%)

500 575 1.15 ≤ Rm/Re ≤ 1.35 ≥7.5 ≥16

The conventional approach to steel rebar corrosion considers a reduction in the area of the bar
section proportional to the degree of corrosion. Most of the published works [13–17] report systematic
reduction of strength and strain at maximum load when the degree of corrosion increases. Recent
studies [18] have shown that corrosion takes place in local spots of the bar surface (pitting), a weakening
of strength occurs at these spots (a notch effect), and the bar strength falls under the minimum values
required by the codes, even with very small degrees of corrosion. Nevertheless, the reduction of strain
is greater than the loss of strength in the bar [19].

With low levels of corrosion the loss of strength is also low: this means that the structural elements
can still meet their resistance function, though the reduction of strain may not meet the minimum
values required in Table 1 to ensure enough ductility. Previous studies [20,21] have shown that the
ratio Rm/Re remains constant with the increase of the corrosion level. This means that the steel may
amply meet the Rm/Re requirement but not the requirement of Agt.

In these cases, the use of the equivalent steel concept as a ductility criterion based on both Rm/Re

and Agt may be highly useful [22,23]. Table 2 shows the minimum values obtained with the EHE-08
requirements in application of the equivalent steel formulas [24–28] as proposed by Cosenza (p),
Creazza (A*) and Ortega (Id).

Table 2. Values of the equivalent steel parameters obtained with EHE-08 high ductility steel
requirements.

Equivalent Steel Concept Cosenza (p) Creazza (A*) (MPa) Ortega (Id)

Normative EHE-08 0.82 3.87 63.65

Moreover, although the standard test procedure of tensile tests of reinforcing bars ISO
15630-1:2010 [29] is remarkably complete, no recommendation regarding the loading speed for the
tensile test is set. This might have a significant impact on the test results. For this reason, in this study
the variations of the mechanical properties of steel rebars as a function of the degree of corrosion and
the loading speed applied in the tensile tests are reported. For such a purpose, 144 12-mm diameter
high-ductility steel rebars, named B500SD, were tested in tension after an accelerated corrosion
treatment, embedded in NaCl contaminated concrete. The results showed that the influence of
high-speed loading is significant if only the Codes EHE-08 and EC-2 are used. In order to establish a
better relationship between the tensile test and the minimum effective cross-sectional area, the use of
the equivalent concept is required.
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2. Materials and Methods

2.1. Materials

Twelve concrete slabs of 30 × 40 × 10 cm3 were fabricated, with each one having 12 reinforcing
bars partially embedded, making a total of 144 bars to be corroded and tested in tension (Figure 1).
Table 3 shows the concrete composition. The mean compression strength of the concrete was 26 MPa.
The steel type was B500SD, used normally in structures in seismic areas due to the higher properties in
terms of ductility.

Figure 1. Setup used for the fabrication of slabs (30 × 40 × 10 cm3).

Table 3. Composition of concrete.

Material Value

Cement (kg/m3) 290
Water (kg/m3) 174
Cement/water 0.6
Gravel (kg/m3) 1110
Sand (kg/m3) 760

CaCl2 (% cement weight) 3

River silica, sand, round gravel, and cement CEM II/A-L 32.5, according to standard RC-16 [30]
were the mix basic materials. The water/binder ratio was 0.6. CaCl2 with a concentration of 3% relative
to the weight of cement was diluted in the mixing tap water in order to destroy the passive state
of the reinforcing bars. After casting and demoulding, the slabs were cured for 28 days in chamber
under ambient conditions at 25 ◦C and 99% of relative humidity. In order to avoid corrosion initiation
and propagation at the point where the bars protrude the concrete slab, each bar was wrapped with
insulating tape in these points for lengths of 3 cm both outside and inside the concrete.

2.2. Accelerated Corrosion

Because natural corrosion of the steel bars is a time-consuming process, an artificial accelerated test
by an electrochemical method was utilised to simulate the corrosion process [31]. Thus, corrosion was
accelerated by imposing an electrical current between the reinforcement, the working-electrode and a
counter-electrode, in a way that oxidation is enforced. The flow of the current was established by an
external constant intensity. Nevertheless, a corrosion pit was found on the steel bars by electrochemical
method that showed that non-uniform corrosion occurred too [32,33]. Therefore, the uniformity
of corrosion was unconnected with the corroded method, but rather with the degree of corrosion.
Many researchers have already used this technique to gather information about corrosion processes in
reinforced concrete [34,35]. In this test, the accelerated corrosion process was activated by an electrical
current by the application of a constant anodic current between the bars and a lead plate placed on top
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of the slabs, acting as the cathode. A soaked textile pad placed between the concrete slab and the lead
plate ensured an even distribution of the electric current.

The value of the current in each bar was controlled by means of a digital multimeter, involving
periodical recording of the voltage and adjustment of the electrical potential at the power source to
ensure a constant current value of approximately 10 μA/cm2 in each bar. This accelerated corrosion
test is only valid if the intensity remains rather low (<200 μA/cm2) with respect to Faraday’s law.
Otherwise a significant increase of strain response, and consequently the crack width, will occur.
Densities can reach 200 μA/cm2, with increasingly more appearing that will undermine accuracy
of the experiment. These current values are broadly explained by Andrade [36], Maaddawy [37] or
Suvash [38]. In order to obtain distinct corrosion levels, the current was disconnected at different ages
after cracks appeared in the concrete slabs (Figure 2).

  
(a) (b) 

Figure 2. Electrical connection of the bars for the accelerated corrosion process (a) and cracks in the
concrete slabs after disconnecting and ready for demolition (b).

Once the corrosion process was over, the slabs were demolished, the oxide and cement of each
bar surface were mechanically cleaned by a brush according to standard ASTM G1-03 (2017) [39].
Then, if such a treatment could not eliminate all the corrosion products, the oxide was cleaned by a
chemical process by immersing the bars in a bath for 10 min. It was then rinsed with ethanol and water
and dried according to standard ISO 8407 [40]. As it can be observed in Figure 3, the corrosion was
extended throughout the whole surface of embedded bars.

  

Figure 3. Rebars after the first treatment according to standard ASTM G1-03 (2017) [39].

The degree of corrosion or corrosion level (Qcorr) was measured by the gravimetric procedure of
weighing the bars after the full cleaning of all corrosion products. The gravimetric cross-sectional loss
of the corroded steel reinforcement was deduced by Equation (1) [41].

Qcorr =
m0 − mres

m0
× 100 (1)
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where Qcorr is the corrosion degree of the steel reinforcement in percentage and m0 and mres are
the mass of initial reinforcement corresponding to the portion of rebar that participates, respectively,
in corrosion and the residual mass of the corroded steel reinforcement portion.

In order to calculate the residual diameter value of the corroded bar cross-section, the residual
mass of the corroded steel reinforcement is used and determined following the equivalent section
definition [14,42].

Thus, the residual diameter of the corroded bars was computed by Equation (2) as follows:

∅res =

√
4mres

π 7.85 Lc
(2)

where Lc is the corroded length of the bar (cm) and 7.85 is the specific weight of steel (g/cm3).

2.3. Strength Tests

Once the corrosion process was finished and the bars free of all corrosion products, the bars
were tested under tension according to standard EN ISO 7500-1:2018 [43] by a multitest IBERTEST
press with a loading capacity of 100 kN, controlled by the WINTest 32 software program. The strain
measurements were performed with an extensometer 2-IBER-25 with a 50 mm base.

Before the test, for the manual determination of the elongation after fracture (Equation (3),
the entire bar received fine marks with multiples of 5mm following the UNE EN ISO 6892-1:2017
standard [44]. In addition, for the total elongation at maximum force a class two strain gauge, according
to the ISO 9513:2012 standard, was used [45].

Au,5 =
Lu − L0

L0
× 100 (3)

where Au,5 is the permanent elongation of the gauge length expressed as a percentage of the original
gauge length, Lu is the final gauge length after fracture and L0 is the original gauge length.

The tests were controlled in terms of load when the bar behaved in the elastic range and
deformation when the test was running in the plastic zone at three different speeds. The standard
speed Vm (medium loading speed) was that recommended by standard UNE-EN ISO 15630-1:2011 [29],
that is to say, 3.7 kNs and 20.1 mm/min. A speed three times faster Vh (high loading speed) with
11.1 kN/s and 60.3 mm/m, and a speed Vl (low loading speed) three times slower with 1.23 kN/s and
6.7 mm/min were also used.

A designating code B-XXX-Y was used to identify each bar sample, with B meaning bar, XX the
bar number (1 to 144) and Y the loading speed (low, medium or high). The (*) in the nomenclature
shows that the rebar did not meet certain EHE-08 requirements for B500SD steel.

3. Results and Discussion

Based on the test results, the values of the equivalent steel ductility parameters as per Ortega (Id),
Cosenza (p) and Creazza (A*) were calculated for each bar sample (see Equations (4)–(6)). Tables A1–A3
in Appendix A show the results and the ductility parameters for, respectively, low, medium and high
loading speed. The level of corrosion was quantified by Qcorr as per Equation (1) and used to order the
table lists.

The results include the yield strength (Re), tensile strength (Rm), the total elongation at maximum
force (Agt) and the permanent elongation of the gauge length Au,5. All mechanical properties were
calculated with respect to the residual diameter of the corroded bars (∅res in Equation (2)). In addition,
the equivalent steel ductility parameters were calculated with respect to Equations (4)–(6).

Id = 1 +
(

1 +
Rm

Re

)(
Agt

εy
− 1
)

(4)
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A∗ =
2
3
(

Rm − Ry
)(

Agt − εsh
)

(5)

p ≈ Agt
0.75
(

Rm

Re
− 1
)0.9

(6)

Those bars with lower values of mechanical parameters than those required for steel B500SD in
EHE-08 have been highlighted with an asterisk in Tables A1–A3 (see Appendix A). The maximum and
minimum values for the parameters can be seen in Table 4.

Table 4. Range of the mechanical and ductility parameters of tensile tests run at three loading speeds
Vl (low loading speed), Vm (medium loading speed) and Vh (high loading speed).

Loading Speed Values Re (Rm) MPa Rm/Re Agt (%) Au,5 (%) Id P A* (N/mm2)

Vl
Min. 429.6(518.8) 1.07 6.05 23 47.0 0.4 2.2
Max. 651.8(726.4) 1.21 17.29 34 135.1 1.8 10.3

Vm
Min. 449.0(498.4) 1.10 3.7 7 27.8 0.4 1.3
Max. 626.5(620.40) 1.21 14.8 35 369.0 1.5 8.6

Vh
Min. 206.0(283.6) 1.03 5.2 19 41.6 0.5 2.4
Max. 618.6(688.9) 1.4 26.4 34 205.2 2.3 8.2

A general overview of the values in Table 4 reveals that the high loading speeds (Vh) cause a
distorting of the results, with yield strength and tensile strength values being significantly lower than
it expected. Thus, the equivalent steel ductility parameters at this loading speed would be highly
recommended. As the values of total elongation at maximum force declined substantially, in the
majority of the cases three times less than the total elongation recorded for the control, corrosion is
more sensitive to strain than to stress.

Table 5 shows the yield strength and tensile strength for the three loading speeds of steel bars at
four levels of corrosion and the percentage of strength loss of yield and tensile strength with 1%, 2%, 3%
and 4% of corrosion degree and yield and tensile strength without corrosion, following Equation (7).

Strength reduction rates =

⎛
⎝
(

Rei
Re0

)
+
(

Rmi
Rm0

)
2

⎞
⎠× 100 (7)

Table 5. Range of yield strength and tensile strength of tensile tests run at three loading speeds and the
percentage of strength reduction.

Loading Speed Qcorr (%) Re (Rm) MPa Strength Reduction Rates (%)

Vl

0 531.7 (612.6) –
1 505.9 (587.3) 5%
2 483.0 (570.3) 8%
3 449.4 (534.9) 14%
4 458.0 (541.9) 13%

Vm

0 544.4 (626.0) –
1 511.5 (594.7) 6%
2 489.5 (577.1) 9%
3 449.0 (542.7) 16%
4 449.4 (498.4) 19%

Vh

0 547.3 (619.8) –
1 509.1 (591.0) 6%
2 497.1 (574.6) 8%
3 453.0 (544.8) 15%
4 454.4 (533.3) 16%

With a corrosion degree of 1%, reduction rates of yield strength and tensile strength are around
5% and 6% for all the loading speeds. Similar strength reduction rates of approximately 8% and 9% are
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found in bars when the corrosion level increases to 2%. However, a corrosion level of more than 3%
will induce a greater tensile-strength reduction of approximately 16% and 19% for medium and high
levels of loading speeds and 13% for a low loading speed. This confirms that the loading speed has a
greater influence when the rebars have higher degrees of corrosion.

Figure 4 shows how these deviations in the results can be studied based on the equivalent steel
criteria and how they can be analysed in the results. The figure shows the comparison of the percentage
of specimens that meet the various equivalent criteria, at the different loading speeds Vl, Vm and Vh.

Figure 4. Comparison of the percentage of bar specimens that meet different ductility criteria in tensile
strength tests run at different loading speeds: low Vl, medium Vm and high Vh.

As expected, when using EHE-08 criteria, the loading speed is important with high levels of
corrosion. Even with corrosion rates of up to 1% there is a significant difference for high loading speed
(Vh) as compared with low and medium speeds (Vl, Vm). In addition, for corrosion rates of up to 1%
all equivalent steel criteria are met for low and medium loading speeds. For high-speed loading the
criteria offered by Creazza are scarcely met, although fulfilment is frequent for Cosenza and Ortega
criterion. With corrosion rates of higher than 1%, fulfilment of EHE-08 ductility criteria was low,
less so for Cosenza criterion and high for the Creazza and Ortega criterion. Thus, in general, the three
equivalent steel concepts offered by Cosenza, Creazza and Ortega serve as useful criteria for high
loading speeds and corrosion rates under 1%. Given that more that 90% of the bar specimens meet
the ductility criteria, the concept is quite advantageous in assessing structural ductility with corroded
reinforcement. Regardless of the loading speed considered, the EHE-08 ductility requirements are
met by more than 90% of the bar specimens for corrosion rates of up to 1%, though only 20% of the
specimens meet such requirements when the corrosion rate is higher than 1%. The main reason is the
systematic reduction of the total elongation at maximum load (Agt) when it increases the corrosion
rates [30] up to values that fail the minimum ones required by EHE-08.

Summaries of representative strain-stress curves are plotted in Figures 5–7 for, respectively,
each low, medium and high loading speed. The numbers in % indicate the corrosion level of the rebar.

It can be seen that with the development of corrosion, the yield strength, tensile strength and
total elongation at maximum load decreased under different strain rates. In addition, the yield plateau
shortened or even disappeared. In contrast, given that with high-corrosion levels an anomalous
elongation of the yield plateau is produced, the loading speed has a significant influence on this area
of the curve. Compared with the uncorroded rebars, the decreased yield and tensile strength of the
corroded rebars were mainly caused by the reduction of fracture cross-sectional areas. The decreased
total elongation and the shortened yield plateau were due to intensified stress concentrations at the
corrosion pits [46].
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Figure 5. Representative summary of the strain-stress curves of the 48 bar specimens tested at low
speed Vl for increasing corrosion rates.

 

Figure 6. Representative summary of the strain-stress curves of the 48 bar specimens tested at medium
(standard) speed Vm for increasing corrosion rates.

 

Figure 7. Representative summary of the strain-stress curves of the 48 bar specimens tested at high
speed Vh for increasing corrosion rates.

Figure 8 shows the range of deformations (mean value) in the yield zone for corrosion rates
of lower than 1% (a) and higher than 1% (b), for the three loading speeds used. It can be seen that
deformation is similar for low and medium speeds regardless of the corrosion rate. At high corrosion
rates, deformation is much greater for the high loading speed (as discussed above).
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(a) (b) 

Figure 8. Deformation of bar specimens in the yield zone for corrosion rates under 1% (a) and over 1%
(b) and for the three loading speeds Vl, Vm and Vh.

Regardless of the corrosion level, in Figure 9 it is possible to see that the deformation of bar
specimens in the yield zone showed less dispersion for low and medium speeds in comparison with
high speed.

 
(a) (b) 

 
(c) 

Figure 9. Deformation of bar specimens in the yield zone as a function of the loading speed Vl (a),
Vm (b) and Vh (c).

The evolution of the mechanical properties obtained in the tensile tests as a function of the
corrosion rate can be observed in Figure 10. It shows the average cross-section diameter of the
specimen ∅res after the corrosion process. Each colour denotes the loading speed. The figure also
shows that the yield strength, tensile strength and total elongation at maximum force, regardless of
the loading speed, decrease with the increase in corrosion level. The dispersion of the results occurs
only with high corrosion levels. Therefore, the loading speed in this test program seemed to have no
significant effect on either strength at a low level of corrosion.
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(a) (b) 

 
(c) 

Figure 10. Effects of the corrosion rate and loading speed on the (a) tensile strength Rm, (b) yield
strength Re and (c) total elongation at maximum force Agt.

If the corrosion had been uniform along the bar, the adjusting trend lines would have been
horizontal. However, the lines decrease for all loading speeds [21]. This is because corrosion is not
homogeneous in the bar surface, but occurs in a series of pitting spots typical for chloride corrosion
of steel [46,47]. In these spots, the cross-section area of the bar is smaller than the average in the test
results (see Figure 11). Additionally, corrosion takes place in the outer thickness of the bar surface
composed by martensite, a metallographic material produced by the rolling mill when the bar was
fabricated. Martensite has higher strength properties (Rm, Re) than the ferrite composing the internal
core of the bar. The destruction of part of this stronger outer layer explains the reduction of the average
strength values in the bar cross-section.

 
(a) (b) 

Figure 11. Microscopy image of the corroded surface (a) of bar specimen B087M with Qcorr = 1.07%
and the cross-section (b).

The evolution of ratio Rm/Re for the three loading speeds is shown in Figure 12. Regardless
of the loading speed, the ratio has a small fluctuation near a fixed value while the corrosion ratio
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changed from zero to more than 4%. It is indicated that the ratio of Rm/Re is irrelevant to the average
corrosion ratio which shows that the decrease of yield strength is induced by the decrease of effective
cross-section area of the steel bars [9,21].

Figure 12. Effects of the corrosion rate and the loading speed on the ratio Rm/Re.

Figure 13 shows the evolution of the three ductility parameters based on the steel equivalent
concept as a function of the corrosion rate for the three loading speeds. All parameter values decrease
when the corrosion rate increases regardless of the loading speed. Parameters evolve similarly for low
and medium loading speeds (parallel lines). However, the degree of scatter with high-speed loading
would not provide accurate conclusions.

 
(a) (b) 

 
(c) 

Figure 13. Effect of corrosion rate and loading speed on the equivalent steel concept parameters (a) A*,
(b) Id and (c) p.
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4. Conclusions

The main conclusions can be summarised as follows:

• With the exception of the ratio Rm/Re there is a systematic reduction of all strength and durability
parameters (Rm, Re, Agt, p, A* and Id) for increasing corrosion rates.

• The increasing of the corrosion level leads to modification of the stress-strain diagram, losing the
yield plateau and showing cold-drawn behaviour.

• The loading speed of the tensile test is a variable which, along with the corrosion rate, governs
the values and the evolution of all of the studied parameters (except the ratio Rm/Re).

• The equivalent steel concept is useful to evaluate the ductility behaviour of corroded reinforcement
bars in concrete regardless of the loading speed in the tensile test.

• The higher the tensile test loading speed, the higher is the yield zone in the strain–stress
relationship curve.

• With corrosion rates as low as 1%, there is a change in the strain-stress curve which means that in
some cases the yield plateau disappears and the steel behaves as a cold-formed steel.

• Finally, the research significance lies in the assessment of the influence of the loading speed at
which the tensile test is performed for the reinforcement bars that largely depends of the ductility
criteria used.
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Appendix A

Table A1. Results of tensile tests on 12 mm diameter bars with increasing corrosion rates (Qcorr) using
load increment speed (Vl) of 1.23 kN/s up to the yields strength (Re) and a deformation speed of
6.7 mm/min the plastic zone. The three values of equivalent steel criteria for each bar have also been
included. The (*) in the nomenclature shows that the rebar did not meet certain EHE-08 requirements
for B500SD steel.

Rebars
Loading
Speed

Qcorr

(%)
Re

(MPa)
Rm

(MPa)
Rm/Re

Agt

(%)
Au,5

(%)
Id p A* (N/mm2)

B001L 1.23 0.00 534.02 614.83 1.15 17.11 27.00 135.10 1.53 9.51
B002L 1.23 0.00 529.28 610.33 1.15 16.19 27.00 127.77 1.46 9.03
B003L 1.23 0.03 526.54 603.69 1.15 13.89 25.00 118.30 1.30 7.37
B004L 1.23 0.06 526.99 612.10 1.16 15.55 30.00 110.80 1.50 9.11
B005L 1.23 0.08 526.89 606.71 1.15 14.06 28.00 106.81 1.32 7.72
B006L 1.23 0.10 529.58 609.96 1.15 15.24 27.00 120.21 1.40 8.43
B007L 1.23 0.15 535.34 612.49 1.15 13.17 28.00 99.98 1.25 6.99
B008L 1.23 0.19 526.24 607.37 1.15 13.40 28.00 101.74 1.27 7.48
B009L 1.23 0.23 537.76 612.43 1.15 11.49 28.00 87.08 1.13 5.90

B010L * 1.23 0.34 527.42 566.81 1.07 8.15 26.00 63.82 0.44 2.21
B011L 1.23 0.34 500.29 592.84 1.18 11.43 28.00 87.81 1.33 7.28
B012L 1.23 0.37 523.30 609.90 1.17 17.29 28.00 132.83 1.72 10.30
B014L 1.23 0.44 530.93 613.33 1.16 16.41 29.00 121.07 1.57 9.30
B015L 1.23 0.44 508.94 587.13 1.15 10.70 26.00 87.33 1.07 5.76
B016L 1.23 0.49 520.56 602.64 1.16 12.27 28.00 93.49 1.26 6.93
B017L 1.23 0.50 534.85 615.64 1.15 15.63 – – 1.43 8.69
B018L 1.23 0.52 530.37 616.35 1.16 12.64 28.00 96.35 1.29 7.48
B019L 1.23 0.53 530.37 616.35 1.16 12.64 28.00 96.35 1.29 7.48
B020L 1.23 0.68 533.98 612.36 1.15 12.87 26.00 105.28 1.23 6.94
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Table A1. Cont.

Rebars
Loading
Speed

Qcorr

(%)
Re

(MPa)
Rm

(MPa)
Rm/Re

Agt

(%)
Au,5

(%)
Id p A* (N/mm2)

B021L 1.23 0.70 524.22 608.98 1.16 14.94 28.00 114.09 1.46 8.71
B022L 1.23 0.76 516.12 601.71 1.17 13.51 30.00 96.55 1.43 7.96
B023L 1.23 0.80 520.95 601.50 1.15 11.34 27.00 89.15 1.12 6.28

B024L * 1.23 0.82 475.96 545.98 1.15 8.93 34.00 55.32 0.94 4.30
B025L 1.23 0.84 536.17 617.64 1.15 12.13 30.00 85.78 1.18 6.80
B026L 1.23 0.89 504.97 589.03 1.17 9.88 28.00 75.40 1.13 5.71
B027L 1.23 0.94 526.27 605.27 1.15 12.57 24.00 111.46 1.21 6.83
B028L 1.23 1.03 500.76 578.25 1.16 9.54 24.00 84.70 1.04 5.09

B029L * 1.23 1.05 490.76 578.25 1.18 9.54 29.00 70.53 1.16 5.74
B030L * 1.23 1.05 530.38 616.35 1.16 8.05 29.00 58.80 0.92 4.76
B031L * 1.23 1.13 651.71 726.36 1.11 8.64 27.00 66.41 0.69 4.44
B032L 1.23 1.19 506.27 589.77 1.16 11.02 26.00 90.39 1.16 6.33
B033L 1.23 1.21 502.03 585.89 1.17 9.34 28.00 71.22 1.08 5.39

B034L * 1.23 1.30 458.23 548.45 1.20 7.99 28.00 61.58 1.12 4.96
B035L 1.23 1.40 506.27 589.77 1.16 11.02 25.00 94.05 1.16 6.33
B036L 1.23 1.58 501.61 588.23 1.17 8.43 25.00 72.00 1.00 5.02

B037L * 1.23 1.74 479.76 561.71 1.17 7.92 26.00 64.93 0.96 4.47
B038L * 1.23 1.80 485.23 575.16 1.19 9.09 25.00 78.44 1.17 5.62
B039L * 1.23 2.06 470.60 565.26 1.20 8.71 26.00 72.50 1.19 5.67
B040L * 1.23 2.18 493.22 570.42 1.16 8.91 29.00 65.20 0.99 4.73
B041L * 1.23 2.36 470.79 558.30 1.19 7.67 28.00 58.80 1.03 4.62
B042L * 1.23 2.38 462.84 531.12 1.15 6.05 27.00 47.03 0.70 2.84
B043L * 1.23 2.46 478.80 572.32 1.20 9.94 27.00 79.79 1.32 6.40
B044L * 1.23 2.52 471.37 550.49 1.17 8.41 28.00 64.01 1.00 4.58
B045L * 1.23 2.85 460.34 537.38 1.17 6.35 25.00 53.95 0.81 3.37
B046L * 1.23 2.93 458.23 548.45 1.20 8.02 31.00 55.72 1.12 4.98
B047L * 1.23 3.12 429.57 518.82 1.21 14.30 26.00 120.34 1.81 8.78
B048L * 1.23 4.66 458.03 541.86 1.18 6.90 23.00 64.22 0.91 3.98

Table A2. Results of tensile tests on 12 mm diameter bars with increasing corrosion rates (Qcorr),
using load increment speed (Vm) of 3.7 kN/s up to the yield strength (Re) and a deformation speed
of 20.1 mm/min in the plastic zone. The three values of equivalent steel criteria for each bar are also
included. The (*) in the nomenclature shows that the rebar did not meet certain EHE-08 requirements
for B500SD steel.

Rebars
Loading
Speed

Qcorr

(%)
Re

(MPa)
Rm

(MPa)
Rm/Re

Agt

(%)
Au,5

(%)
Id p A* (N/mm2)

B049M * 3.70 0.00 544.38 626.03 1.15 13.94 25.00 118.73 1.31 7.83
B050M 3.70 0.00 553.64 636.67 1.15 13.05 28.00 99.06 1.25 7.45
B051M 3.70 0.02 521.19 605.10 1.16 14.82 27.00 117.40 1.45 8.56

B052M * 3.70 0.09 538.32 612.13 1.14 14.18 27.00 111.25 1.25 7.20
B053M 3.70 0.11 529.48 608.73 1.15 12.48 31.00 85.40 1.20 6.80
B054M 3.70 0.14 518.72 604.69 1.17 13.14 30.00 93.88 1.40 7.77

B055M * 3.70 0.14 522.14 602.23 1.15 12.05 7.00 368.96 1.17 6.64
B056M 3.70 0.15 522.38 606.17 1.16 12.06 25.00 103.04 1.24 6.95
B057M 3.70 0.15 521.38 597.59 1.15 13.89 19.00 156.03 1.30 7.28
B058M 3.70 0.15 530.81 609.75 1.15 14.49 28.00 110.11 1.35 7.87
B059M 3.70 0.15 531.79 609.79 1.15 13.45 26.00 110.07 1.27 7.22
B060M 3.70 0.15 531.00 611.39 1.15 12.99 27.00 102.29 1.24 7.18
B061M 3.70 0.16 530.90 610.20 1.15 14.02 27.00 110.49 1.31 7.65
B062M 3.70 0.17 529.11 614.76 1.16 13.35 19.00 150.61 1.34 7.87

B063M * 3.70 0.19 541.84 612.54 1.13 14.31 – – 1.17 6.96
B064M 3.70 0.22 525.96 608.02 1.16 12.79 28.00 97.51 1.30 7.22
B065M 3.70 0.23 515.56 601.22 1.17 13.21 28.00 101.21 1.41 7.79
B066M 3.70 0.26 532.26 612.23 1.15 14.75 28.00 112.11 1.36 8.12

B067M * 3.70 0.27 520.20 586.33 1.13 9.11 25.00 76.49 0.84 4.14
B068M 3.70 0.27 528.04 610.59 1.16 12.73 28.00 97.04 1.30 7.23
B069M 3.70 0.32 526.21 608.61 1.16 14.12 28.00 107.77 1.40 8.00
B070M 3.70 0.34 530.45 612.86 1.16 13.60 28.00 103.75 1.36 7.71
B071M 3.70 0.42 505.66 593.07 1.17 10.60 30.00 75.50 1.19 6.37
B072M 3.70 0.53 525.69 611.00 1.16 11.78 19.00 132.76 1.22 6.91
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Table A2. Cont.

Rebars
Loading
Speed

Qcorr

(%)
Re

(MPa)
Rm

(MPa)
Rm/Re

Agt

(%)
Au,5

(%)
Id p A* (N/mm2)

B073M 3.70 0.60 501.54 584.03 1.20 9.29 26.00 77.41 1.25 5.27
B074M 3.70 0.65 524.12 604.00 1.15 11.62 30.00 82.13 1.14 6.39
B075M 3.70 0.68 531.43 611.32 1.15 12.64 29.00 92.56 1.22 6.95

B076M * 3.70 0.69 527.09 613.29 1.16 11.11 9.00 265.48 1.17 6.59
B077M 3.70 0.70 528.74 606.55 1.15 11.18 26.00 91.30 1.11 5.99
B078M 3.70 0.77 514.27 604.54 1.18 12.63 28.00 97.15 1.43 7.84
B079M 3.70 0.80 525.60 606.32 1.15 11.26 27.00 88.51 1.11 6.25

B080M * 3.70 0.83 620.40 689.72 1.11 8.61 25.00 71.56 0.69 4.11
B081M * 3.70 0.85 518.02 600.39 1.16 11.67 10.00 250.91 1.21 6.61
B082M * 3.70 0.86 626.49 688.27 1.10 9.31 24.00 80.36 0.67 3.96
B083M 3.70 0.87 521.07 598.55 1.15 11.40 34.00 70.94 1.13 6.08
B084M 3.70 0.94 521.33 597.96 1.15 11.67 19.00 130.91 1.14 6.15
B085M 3.70 0.99 520.49 607.14 1.17 12.87 22.00 125.78 1.38 7.67
B086M 3.70 1.01 516.76 599.52 1.16 11.41 25.00 97.42 1.19 6.50

B087M * 3.70 1.08 497.26 577.39 1.16 9.55 31.00 65.38 1.04 5.26
B088M 3.70 1.36 525.72 607.42 1.16 13.13 35.00 79.87 1.33 7.38

B089M * 3.70 1.52 493.80 575.99 1.17 9.00 32.00 59.86 1.05 5.09
B090M * 3.70 1.55 488.25 575.28 1.18 8.14 26.00 67.07 1.03 4.87
B091M * 3.70 1.60 490.75 578.97 1.18 10.29 32.00 68.92 1.23 6.25
B092M* 3.70 3.40 449.01 542.67 1.21 7.19 29.00 53.58 1.08 4.63
B093M * 3.70 3.57 459.52 540.64 1.18 6.55 22.00 63.72 0.87 3.66
B094M * 3.70 3.81 482.57 567.84 1.18 7.81 27.00 61.88 1.00 4.58
B095M * 3.70 3.92 485.04 571.67 1.18 9.54 28.00 73.10 1.16 5.69
B096M * 3.70 4.07 449.41 498.42 1.11 3.70 27.00 27.80 0.37 1.25

Table A3. Results of tensile tests on 12 mm diameter bars with increasing corrosion rates (Qcorr),
using load increment speed (Vh) of 11.1kN/s up to the yield strength (Re) and a deformation speed
of 60.3 mm/min in the plastic zone. The three values of equivalent steel criteria for each bar are also
included. The (*) in the nomenclature shows that the rebar did not meet certain EHE-08 requirements
for B500SD steel.

Rebars
Loading
Speed

Qcorr

(%)
Re

(MPa)
Rm

(MPa)
Rm/Re

Agt

(%)
Au,5

(%)
Id p A* (N/mm2)

B097H * 11.1 0.1 547.27 619.76 1.13 14.62 29 106.25 1.19 7.29
B098H * 11.1 0.23 616.51 685.65 1.11 9.69 28 71.91 0.75 4.61
B099H * 11.1 0.3 540.17 613.85 1.14 14.78 24 130.65 1.28 7.49
B100H 11.1 0.53 510.04 594.97 1.17 9.91 29 72.98 1.13 5.79

B101H * 11.1 0.54 610.05 688.88 1.13 9.51 19 105.48 0.86 5.16
B102H * 11.1 0.64 534.57 609.86 1.14 12.41 31 84.53 1.13 6.43
B103H 11.1 0.68 513.14 599.51 1.17 10.77 29 79.42 1.21 6.40

B104H * 11.1 0.7 593.91 653.23 1.1 7.64 26 60.61 0.58 3.12
B105H 11.1 0.79 517.42 603.96 1.17 11.84 27 93.99 1.30 7.05
B106H 11.1 0.81 509.05 587.82 1.15 9.04 25 76.59 0.95 4.90
B107H 11.1 0.85 518.77 600.78 1.16 10.54 27 83.16 1.12 5.95

B108H * 11.1 0.86 478.64 567.93 1.19 8.08 30 57.79 1.08 4.96
B109H 11.1 0.88 526.21 612.61 1.16 13.76 23 128.06 1.37 8.18
B110H 11.1 1.01 506.82 594.51 1.17 10.48 28 80.05 1.18 6.32
B111H 11.1 1.05 519.43 598.94 1.15 10.87 34 67.59 1.09 5.95
B112H 11.1 1.08 501.11 587.48 1.17 9.49 27 75.10 1.10 5.64
B113H 11.1 1.13 510.5 592.25 1.16 10.18 34 63.51 1.10 5.73

B114H * 11.1 1.13 206.02 283.55 1.38 9.5 27 82.36 2.27 5.07
B115H 11.1 1.14 501.47 586.46 1.17 10.06 33 64.98 1.15 5.88
B116H 11.1 1.17 505.71 588.83 1.16 9.99 30 70.77 1.08 5.71

B117H * 11.1 1.23 618.59 685.66 1.11 11.03 24 95.86 0.83 5.09
B118H * 11.1 1.23 524.17 602.87 1.15 8.62 26 70.13 0.91 4.67
B119H 11.1 1.3 526.07 611.08 1.16 10.84 26 88.90 1.15 6.34

B120H * 11.1 1.33 490.11 503.35 1.03 26.41 26 205.17 0.50 2.41
B121H * 11.1 1.33 483.85 568.02 1.17 9.42 26 77.45 1.09 5.46
B122H * 11.1 1.33 490.15 579.27 1.18 8.99 25 77.21 1.11 5.51
B123H * 11.1 1.42 476.63 556.05 1.17 8.26 20 88.45 0.99 4.51
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Table A3. Cont.

Rebars
Loading
Speed

Qcorr

(%)
Re

(MPa)
Rm

(MPa)
Rm/Re

Agt

(%)
Au,5

(%)
Id p A* (N/mm2)

B124H 11.1 1.48 511.58 587.61 1.15 10.78 28 81.63 1.08 5.64
B125H * 11.1 1.49 485.18 567.64 1.17 9.1 30 64.65 1.06 5.16
B126H * 11.1 1.73 481.25 561.14 1.17 8.06 29 59.14 0.97 4.43
B127H * 11.1 1.96 469.95 552.83 1.18 9.13 24 81.75 1.12 5.21
B128H * 11.1 1.99 527.06 596.64 1.13 8.61 27 66.79 0.80 4.12
B129H * 11.1 2.02 492.4 571.87 1.16 7.61 24 67.33 0.88 4.16
B130H * 11.1 2.14 471.82 555.3 1.18 8.52 29 62.87 1.07 4.89
B131H * 11.1 2.33 487.94 570.91 1.17 8.66 27 68.43 1.02 4.94
B132H * 11.1 2.44 461.62 551.6 1.19 6.79 – – 0.94 4.20
B133H * 11.1 2.49 487.02 570.88 1.17 9.31 25 79.64 1.08 5.37
B134H * 11.1 2.74 465.86 552.9 1.19 10.2 29 75.84 1.28 6.11
B135H * 11.1 3.14 468.11 549.96 1.17 9.13 26 75.03 1.07 5.14
B136H * 11.1 3.18 437.8 539.57 1.23 5.19 27 41.64 0.92 3.63
B137H * 11.1 3.37 479.02 558.81 1.17 6.97 33 44.66 0.87 3.83
B138H * 11.1 3.55 456.71 524.63 1.15 5.98 26 48.30 0.69 2.79
B139H * 11.1 3.74 472.56 557.92 1.18 10.44 25 89.86 1.24 6.13
B140H * 11.1 3.77 459.41 546.98 1.19 9.15 27 73.03 1.18 5.51
B141H * 11.1 4.28 451.88 538.98 1.19 9.14 27 72.95 1.18 5.48
B142H * 11.1 4.3 454.59 536.25 1.18 8.14 26 67.07 1.03 4.57
B143H * 11.1 4.68 476.94 557.9 1.17 7.7 25 65.67 0.94 4.29
B144H * 11.1 5.56 419.32 513.58 1.22 6.89 27 55.43 1.09 4.47
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Abstract: Steel corrosion is one of the most dominant factors in the degradation of transport
infrastructure. This article deals with the impact of the atmospheric corrosion of structural steel
on the load-carrying capacity of old riveted bridge structures. A study on the impact of corrosion
losses on the resistance and, thus, the load-carrying capacity of eight chosen bridge members with
riveted I-sections from three different bridge substructures is presented. The load-carrying capacity
calculation is carried out using modern procedures and on the basis of the diagnosed state of the
structural elements. Within the analysis of the results, the need for long-term in situ corrosion
measurements, as well as the need for regular inspections on the existing bridges are also discussed.

Keywords: corrosion of steel; riveted bridges; degradation; load-carrying capacity

1. Introduction

1.1. Degradation of Bridges due to Corrosion

Existing bridges are structures that reflect not only the level of the society in which they were
built, but also the cultural and economic power of the present generations, as they reflect the care for
these inherited engineering works. Therefore, professionals centered on bridges must be consistent in
all activities related to the design, construction, and management of bridges from the initial idea to
the end of their service life. Despite efforts during the design and construction of bridge structures,
various damages and failures occur during their exploitation. Initially, small defects can gradually
develop into failures significantly affecting load capacity and traffic safety.

Today, transport, energy, and environmental infrastructure structures (including bridge structures)
account for approximately 70% of national assets in European countries. Their operation, maintenance,
repair, and reconstruction consume around 35% of the total material and energy consumption and
produce about 30% of all environmental burdens and waste. The above information highlights the
impact of transport infrastructure on the economies of the countries and environments in which we
live. The public usually perceives this fact only marginally, until the underestimated inspections and
maintenance activities result in fatal consequences, such as the known collapses of footbridges or
bridges in our and surrounding countries. Unfortunately, only then, the public discussion, supported by
the media environment, immediately focuses on the management and maintenance of bridge structures.

The most powerful tool for the evaluation of bridge structures is diagnostics-supported
determination of the load-carrying capacity of bridges and estimation of their residual life. These are
extremely demanding and responsible tasks, in which the maximum permissible traffic load of the
bridge is calculated in reverse form from the existing condition. A common problem is how to do these
analyses with respect to environmental degradation processes and their future development.

The main factors influencing the condition of bridges, besides natural changes of the material,
are their hidden structural defects and increasing traffic intensities, especially the degradation processes
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taking place in structural elements, which are caused by environmental load from the surrounding
environment [1]. Polluted air has a significant impact on the degradation of all materials used in the
transport infrastructure and throughout the construction industry. As the share of human-caused
pollution is increasing, the polluted air becomes considerably more aggressive with a greater impact
on the structural parts of bridges and footbridges. The damages caused by corrosion and related
environmental degradation phenomena annually account for about 3%–4% of GDP in developed
countries [2]. Several studies estimate that from 25% to 30% of annual corrosion costs could be saved
if optimum corrosion management practices were employed [3]. Sophisticated expert assessment of
damages and failures of bridge structures in terms of their impact on bridge reliability is an important
task in determining the bearing capacity of bridges and designing their reconstruction.

1.2. Influence of Corrosion on Load-Carrying Capacity

As mentioned above, the corrosion degradation of structural steel has a significant impact on
the bridge’s reliability, in particular its safety and durability. Corrosion losses reduce the effective
cross-sectional area of the load-bearing elements and thereby reduce their mechanical resistance to the
effects of loads on the superstructure of the bridge. Depending on the level of safety of the individual
load-bearing elements, it may happen during the service life of the bridge that the element reduced
by progressive corrosion is no longer able to transmit the load effects, in particular the operational
loads for which the bridge was primarily designed. The ability of the bridge structure to transmit
the effects of the traffic load is quantified by the so-called “load-carrying capacity” (LCC), which is a
basic quantification indicator for the evaluation of existing bridges. LCC represents a criterion that
is valid not only for future planning, but is also used as the decision parameters for the evaluation
of the passage of the actual railway service load. In recent years, several European-wide research
projects have been completed [4] (such as, e.g., [5–8]). These projects have led to the development of
guidelines that provide state-of-the-art methods for the safety assessment of existing bridges. Within
the frame of this trend, the newest recommendation for the determination of the load-carrying capacity
of metal railway bridges is being developed [9]. The newly elaborated guidelines for the determination
of load-carrying capacity of railway bridges in the Slovak Republic [10] and Czech Republic [11] are
also based on the latest knowledge combining the actual design codes and experiences from the area
of evaluation.

Within transport infrastructure, there are relatively many bridge structures older than 50 years in
Slovakia. For example, only in the case of railway bridges out of a total of 2300 bridge structures, up to
28% are over 75 years old, and almost one fifth of the bridges are even older than 100 years [12]. Thus,
it is obvious that monitoring and consequently taking into account degradation due to environmental
load is a very important factor in evaluating these structures and determining their load-bearing
capacity. The LCC is generally defined as the ratio Z of the limiting effects of the vertical variable traffic
load (in terms of the corresponding limit state) to the effects caused by the design load model in the
member. This ratio represents the factor by which the multiplied effects of the load model (stresses,
internal forces, deformations, etc.), in combination with other applied loads, cause the occurrence of
corresponding limit states. In the case of railway bridges, this factor defines a multiple of the Load
Model 71 (LM71) [13]; therefore, the ratio representing the LCC is referred to as ZLM71. More details
regarding LCC estimation can be found in [14,15].

In the case of riveted cross-sections of the old bridge structures, it is necessary to carry out several
types of assessments in order to find a decisive check, which leads to the load-carrying capacity of
the element itself. The impact of substantial imperfections of elements and parts of the steel structure
should be taken into account in the global bridge analysis itself. Thus, major defects due to corrosion,
in particular the significant reduction of the cross-section by corrosion, are to be included in the global
analysis of the structural behavior already. Of course, any significant corrosion loss must also be taken
into account in the verification of the cross-sections and members of the bridge structure.

468



Materials 2020, 13, 717

2. Study Description

2.1. Inputs for Analysis

To point out how corrosion losses can reduce the resistance of a bridge member and its load-carrying
capacity, the following study was executed. LCC of members with typical riveted I-sections of three
old real railway bridges in service were calculated. The measured corrosion losses were taken into
account in the process of bridge analysis and cross-section verifications. The main girders of two
bridges were made of plate girders, while the last bridge had truss girders with both chords curved.
All three bridges had a typical open member deck.

The first bridge, designated as “Bridge 1”, is the smallest one, but it had been in the service for
142 years already. It bridges a railway line across a local road; thus, the span is only 10.92 m (Figure 1).
For the presented study, the left stringer (outer side of the railway line directional curve), the second
crossbeam, and the left (outer) main plate girders were chosen. These members emerged from the
analysis as critical to the LCC of the bridge.

As mentioned before, the second railway bridge is also the plate girder bridge with an open
member deck (Figure 2). “Bridge 2” was built across local stream in 1910. The span of the main girders
is 22.90 m, and their mutual axial distance is 5.24 m. For the load-carrying capacity of this structure,
the determining members were: the last right (outer one) stringer, the ninth cross-beam, and the right
main girder on the outer side of the railway line directional curve.

The last bridge structure consisting of three simply supported superstructures was built on the
main railway line. The main middle structure (“Bridge 3”) with a span of 57.4 m is 76 years old. It was
built as truss girder bridge with an intermediate open member deck (Figure 3). In order to estimate the
effect of corrosion on the resistance of the I-shaped cross-sections of this bridge, the first left (inner)
stringer and the sixth crossbeam of the bridge deck were chosen, as they showed the lowest LCC.

 
(a) 

 
(b) 

 
(c) 

Figure 1. Bridge 1: the 142-year-old plate girder bridge with a bottom open member deck: (a) picture
from the side; (b) schematic ground plan of the superstructure; (c) cross-section of the bridge; the chosen
elements are drawn in red in (b) and (c).
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(a) 

 
(b) 

 
(c) 

Figure 2. Bridge 2: the 109-year-old plate girder bridge with the bottom open member deck across a
local stream: (a) picture of the bridge from the track; (b) schematic ground plan of the superstructure;
(c) cross-section of the bridge; the chosen elements are drawn in red in (b) and (c).

 
(a) 

 
(b) (c) 

Figure 3. Bridge 3: the 76-year-old superstructure with the middle span built as the truss girder bridge
with an intermediate open member deck: (a) picture from the side; (b) the cross-section; (c) schematic
side view and ground plan of the superstructure; the chosen elements are drawn in red in (b) and (c).
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The basic characteristic of each bridge and chosen member for the following study are summarized
in Table 1.

Table 1. Basic data and designations of the chosen bridges and their members.

Bridge Superstructure Chosen Member

No./type Year/age Span Figure Designation Length Section

Bridge 1 1877 10.92 m Figure 1 Stringer 1 1.82 m Figure 4a
plate girder 142 years Crossbeam 1 4.60 m Figure 4b

Main girder 1 10.92 m Figure 4c,d

Bridge 2 1910 22.90 m Figure 2 Stringer 2 2.29 m Figure 5a
plate girder 109 years Crossbeam 2 5.24 m Figure 5b

Main girder 2 22.90 m Figure 5c,d

Bridge 3 1943 57.40 m Figure 3 Stringer 3 4.20 m Figure 6a
truss girder 76 years Crossbeam 3 5.90 m Figure 6b

 
(a) 

 
(b) 

 
(c) (d) 

Figure 4. Riveted I-sections and average corrosion losses of elements in the case of Bridge 1: (a) left
stringer; (b) crossbeam; (c) left main girder in the midspan; (d) left main girder in the support zone.

First, detailed inspections of the condition and diagnostics were carried out on all three bridge
structures. The necessary geometry and imperfection data were measured and verified. In situ
measurements to determine the material characteristics were also performed. In the case of degradation
caused by corrosion, the main focus was on the current corrosion attack.
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The in situ measurement of the corrosion attack of the elements took place most often after removal
of the corrosion products using thickness gauges. Individual measured corrosion losses were recorded
over the cross-section of the attacked element in several places. The number of measured places
depended on the length of the element to be evaluated, the size of the cross-section of the element
itself, as well as the cross-sectional structure and its corrosion damage. Subsequently, the data were
statistically evaluated, and an effective cross-section of the riveted element was determined. In the case
of the riveted I-sections listed above, the average corrosion losses are shown in Figures 4–6, in which
all dimensions are given in millimeters.

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 5. Riveted I-sections and average corrosion losses of elements in the case of Bridge 2: (a) right
stringer; (b) crossbeam; (c) right main girder in the midspan; (d) right main girder near the support.
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(a) 

 
(b) 

Figure 6. Riveted I-sections and average corrosion losses of deck elements in the case of Bridge 3:
(a) first stringer; (b) crossbeam.

The photos in Figure 7 illustrate the conditions of some structural elements or the details of one of
the bridges. Obviously, the corrosion attack was not always necessarily uniform and depended greatly
on the position of a particular member or element in the structure, as well as on the position of the
measured local point on the element itself.

 
(a) 

 
(b) 

 
(c) 

Figure 7. Examples of the degradation of the elements of Bridge 2: (a) local severe degradations of the
top flange under the sleeper contact; (b) detail of the joint where the crossbeam, main girder, and bottom
bracing are connected; (c) main girder; strong corrosion of the bottom flange and the bottom part of the
girder web.

2.2. Load-Carrying Capacity

The guideline [10] presents general rules and a methodology for determining the load-carrying
capacity of the railway bridges. As corrosion can be described as a random process, the best way to
analyze such an effect in time is through stochastic approaches [16]. Moreover, other inputs such as
material properties and of course actions are also of a stochastic nature. If the more sophisticated
calculation was the issue, stochastic numerical approaches replacing traditional finite element method
(FEM) analysis are also available [17].

Anyway, the aim of the paper is to show the importance of corrosion losses in load-carrying
capacity calculation. The worldwide-used semi-probabilistic method of load and resistance factor
design (LRFD) was applied in this research. As the existing structures were to be analyzed, partial
safety factors were calibrated. The methodology in guidance [10] for the modification of reliability
indexes for the evaluation of existing bridges was taken into account. The basic concept of how the
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reliability levels were transformed into the design values of the material properties and load effects
could also be found in the paper [15].

For the classification of the riveted cross-sections, the widths of the respective parts of the
cross-section are defined in Figure 8. In contrast to the welded cross-sections, it was also necessary to
verify the classification in terms of the distance of the rivets parallel to the direction of the applied
stresses in addition to the transverse direction.

Figure 8. Definition of widths for the classification of riveted I-sections.

The determination of the LCC of cross-section under bending and tensile force or axial compression
can be performed according to the Equation (1), in which the degradation due to corrosion is covered
in cross-sectional parameters:

ZLM71 = (1− η1,rs)/η1,LM71, (1)

where:
η1,rs = Nrs,Ed/(A× fyd) + My,rs,Ed/(Wel,y × fyd) + Mz,rs,Ed/(Wel,z × fyd), (2)

η1,LM71 = NLM71,Ed/(A× fyd) + My,LM71,Ed/(Wel,y × fyd) + Mz,LM71,Ed/(Wel,z × fyd), (3)

and designations NLM71,Ed, My,LM71,Ed, and Mz,LM71,Ed represent the design values of axial force and
bending moments due to vertical variable rail traffic load effects including the dynamic factor, while
Nrs,Ed, My,rs,Ed, and Mz,rs,Ed are the design, combination, or group values of axial force and bending
moments due to other load effects acting simultaneously with the vertical rail traffic load. In the
cross-sectional characteristics, A (the area), Wel,y, and Wel,z (the section modules) of the riveted
cross-section, the holes for rivets were excluded in the tensile area of the cross-section. Moreover,
the cross-sectional characteristics took into account the degradation due to corrosion by varying the
thickness of the respective cross-sectional part. Finally, the design value of steel yield stress could be
obtained from fyd = fy/γM0, where γM0 is a partial factor for the material and resistance of cross-sections.

The value of LLC obtained from (1) is valid if the shear force meets the condition:

η3 = VEd/VRd = (ZLM71 ×VLM71,Ed + Vrs,Ed)/VRd ≤ 0.5, (4)

where VLM71,Ed is the design value of shear force due to vertical variable rail traffic load effects
represented by the LM71 including dynamic factors and Vrs,Ed is the design, combination, or group
value of shear force due to other load effects acting simultaneously with the vertical rail traffic load.
The minimum from the design values of the shear resistance of the cross-section or design value of
shear resistance of the web is designated as VRd.

If the above-mentioned Assumption (4) is not satisfied, the LCC in the form of the value ZLM71

should be determined from the quadratic equation:

Z2
LM71 × (4× k× η2

3,LM71) + ZLM71 × (η1,LM71 + 8× k× η3,LM71 × η3,rs − 4× k× η3,LM71)+

+(η1,rs + 4× k× η2
3,rs − 4× k× η3,rs + k− 1) = 0,

(5)
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where symbols η1,rs and η1,LM71 were already defined in (2) and (3). For the other parameters, see the
following three equations:

η3,rs = Vrs,Ed/Vpl,Rd, (6)

η3,LM71 = VLM71,Ed/Vpl,Rd, (7)

k = 1−Mf,N,Rd/Mpl,N,Rd, (8)

in which Mf,N,Rd represents the design value of the plastic bending resistance of a cross-section
consisting of the flanges only (i.e., without the contribution of the web) and Mpl,N,Rd is the design
value of the plastic bending resistance of the entire cross-section.

Since the value of the shear force VEd in Relation (4) is dependent on the investigated load-carrying
capacity, the calculation of LCC should run in an iterative form.

Of course, the design value of shear force should be less than shear resistance. Thus, based on the
above-mentioned equations and symbols defined below, the LCC of cross-section affected by pure
shear can be derived from condition η3 ≤ 1.0 as follows:

ZLM71 = (1− η3,rs)/η3,LM71. (9)

When verifying the resistance of cross-sections, it is also necessary to verify the biaxial stress state
in the web. The LCC can then be derived from the next quadratic equation:

Z2
LM71 × (η2

1,LM71 + η2
2,LM71 − η1,LM71 × η2,LM71 + 3× η2

3,LM71)+

+ZLM71 × (2× η1,rs × η1,LM71 + 2× η2,rs × η2,LM71 − η1,rs × η2,LM71 − η2,rs × η1,LM71 + 2, 2× η3,rs × η3,LM71)+

+(η2
1,rs + η2

2,rs − η1,rs × η2,rs + 3× η2
3,rs − 1) = 0,

(10)

where variables η1,rs, η1,LM71, η3,rs, and η3,LM71 were already defined before, while designations η2,rs

and η2,LM71 represent the influence of local vertical stress in the web if the local vertical force is present
(e.g., a sleeper on the top flange of the riveted stringer). They can be calculated on the basis of equations:

η2,LM71 = σz,LM71,Ed/(fy/γM0), (11)

η2,rs = σz,rs,Ed/(fy/γM0), (12)

where σz,LM71,Ed represents the value of vertical stresses in the web due to vertical variable rail
traffic load effects represented by the wheels of LM71 including dynamic factors and σz,rs,Ed is the
design, combination, or group value of vertical stresses in the web due to other load effects acting
simultaneously with the vertical rail traffic load.

The verification of the resistance of slender cross-sections shall respect the shear lag effects and
plate buckling effects, which may be calculated by means of effective cross-sectional characteristics.
More information concerning the load-carrying capacity estimation, including techniques for how
LCC should be calculated in the case of compressed member buckling and/or the loss of lateral and
torsional stability due to bending, can be found in [10,11].

However, the process of calculating LCC has to be preceded by a very important task, which is
global analysis. For the analysis of the behavior of each bridge structure, a spatial transformation
numerical model was processed taking into account the real geometrical, stiffness, and material
characteristics. That is why we did not put all details concerning FEM models. Two of the executed
FEM models are shown in Figure 9.
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Figure 9. Global view at the FEM models of Bridge 1 (bottom left) and Bridge 3 (top right).

The computational models were created on the basis of long-term experience with the creation
of FEM models of old and newly designed bridge structures. There is lack of space in this paper for
a comprehensive description of each model and applied analysis. Therefore, only the basic features
of the implemented models are given. Especially for the bridge elements, the beam finite elements
were used, respecting their cross-sectional characteristics, shape variability, and mutual eccentricity.
The interconnections of bridge deck members (stringer-to-crossbeam) were modeled as semi-rigid
joints with stiffness on the basis of executed connections. The corner stiffeners of the main girders at
the crossbeams’ locations were incorporated into the models, thus helping to approximate the real
rigidity of the crossbeam connection to the main girders. Increased attention was paid to this detail to
obtain stiffness that was more accurate for the lateral-torsional stability analysis of the main girders.
The stiffness of bridge bearings was also taken into account. Because of the better redistribution of
traffic load to the stringers, the complete railway track (rails and sleepers) was included in all models
so that the wheel forces from the traffic could be redistributed more correctly, but at the same time,
the model of the rail track did not significantly affect the bridge deck behavior.

By utilization of the FEM, the necessary internal forces to determine the load-carrying capacities
were determined by the elastic analysis. As riveted bridges are not supposed to behave in the plastic
zone, the ultimate states were defined as the first occurrence of plastic strain (no matter if it was in the
steel plates or in a rivet).

All relevant loads were included in the global analyses. Then, internal forces, stresses,
and deformations produced by vertical variable rail traffic load were used from the design, combination,
or group values caused by other load effects. After that, the process of the determination of relevant
LCC could started.

3. Results of the Study

Baseline results of calculated actual LCC in the study are summarized in Table 2. Decreases of
the cross-sectional area A, cross-section modulus Wy, and the load-carrying capacity ZLM71 due to
the corrosion losses are given in the table. In addition, the relative values of load-carrying capacity
decrement are also presented. For determination of the load-carrying capacity values, corresponding
equations from (1–12) given in previous section were utilized.
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In order to specify the development of reduction of LCC over time, it would be necessary to know
the corrosion rate data at a given location. Moreover, it was evident that some parts of the cross-section
corroded significantly more quickly, and others were slower. It depended on the position of the element
in the structure and on the shape of the element itself. Thus, one of the dominant parameters seemed
to be the so-called position coefficient in the structure [18].

Partial results of LCC estimation from the bending resistance of Stringer 3 in Table 2, were already
a part of the study [19].

Other necessary data for correct time analysis and subsequent prediction of the development of
corrosion and hence load-carrying capacity of the bridge were undoubtedly data about the renewals
and repairs of the coating system in the past. For most of conventional bridges, this information was
unobservable, and if so, there was no knowledge about the quality of the works and about the quality
of the materials used nor their durability. Hence, it was evident that the time-corrosion relationship in
the case of bridges had an irregular course similar to that shown in Figure 10.

Figure 10. Possible time-corrosion loss relationship in the case of old bridge structure.

Generally, it is not possible to recover the whole history of anti-corrosion adjustments and renewals
on a bridge structure. Moreover, in the case of the corrosion rate at a given site, only not very accurate
estimates can be made usually. In such cases, there is no possibility to reliably estimate degradation
development without longer corrosion in situ measurements.

Consequently, for comparison of the reduction of LCC and its prediction in the future,
the percentage values of corrosion attack D’ to the measured actual values were simply used. The right
graph in Figure 11 shows the dependence of the decrease of the cross-sectional area of riveted I-sections
due to degradation caused by the corrosion process. At the same time, the decrease of the load-carrying
capacity ZLM71 of the same cross-sections is presented in the left graph.

From Figure 11, it is evident that decrease process of both the cross-sectional area A and
load-carrying capacity was almost in a perfect linear relationship with corrosion attack D’. Interestingly,
this conclusion applied to each of the eight cases examined in the presented study, no matter which part
of the cross-section was attacked by corrosion and how big the differences in corrosion attack observed
within a cross-section were. However, the decrease of the load-carrying capacity was stronger than
the decrease of the corresponding cross-sectional area, which was due to the fact that the LCC of the
cross-section was reduced by the other load effects. The data shown in Figure 12 indicate that the
decrease in calculated load-carrying capacity was indeed faster than the decrease in cross-sectional area.
From the results in the graph, it could be assumed that the percentage decrease in the load-carrying
capacity at the cross-sections solved in the study was at least 1.4 times and at most 2.8 times higher
compared to the loss of cross-sectional area (i.e., corrosive loss throughout the cross-section).
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Figure 11. Relative decrease of the parameters of cross-sections as a function of the gradual increase
of corrosion attack D’: (a) relative decrease of the cross-sectional area A; (b) relative decrease of the
load-carrying capacity ZLM71 of the same cross-sections.
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Figure 12. Relation between the losses of the cross-sectional area and load-carrying capacity due
to corrosion.

4. Conclusions and Discussion

The results of the study focus on the effect of the corrosion of steel structures on the reliability of
bridge structures showed a practically linear course of decreasing cross-sectional area and load-carrying
capacity of observed elements of the bridge structures due to increasing corrosion losses during their
service life. A similar dependence was observed when determining the load-carrying capacity of the
riveted I-section from:

• Bending resistance or combined with axial force: Equation (1)
• Combination of bending, normal force, and shear force: Equation (5)
• Shear resistance of the web: Equation (9)
• Resistance of the cross-sectional web to the biaxial stress state caused by normal stresses in the

longitudinal and vertical directions in combination with the shear stresses: Equation (10)
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However, the governing criteria for LCC may change over time due to corrosion losses [20].
Thus, the linear dependence can be disrupted, especially in the case of very severe damages of the
cross-section due to corrosion. It seemed that the speed of reduction of load-carrying capacity could be
approximately 1.5–3.0 times faster than the corrosion process speed expressed by the corrosion loss
within the cross-section. The faster reduction in LCC compared to the reduction of the corresponding
cross-sectional area emphasized the importance of monitoring the effect of corrosion on the static safety
of the bridge structure.

Neglecting inspections can lead to substantial degradation and a consequent decrease of the
load-carrying capacity [21]. Thus, only perfect up-to date protection of steel together with regular
periodic inspections and basic routine maintenance can ensure the required service life and save much
money. Underestimating corrosion usually results in the poor condition of bridges, requiring major
repairs and reconstruction [22]. Moreover, the careful inspection activities and records from them may
in the future provide valuable data for a qualified estimation of the corrosion rate for a particular bridge
object or its critical elements, and thus for LCC determination and remaining service life estimation.

As already mentioned, more relevant data for the evaluation of the influence of corrosion on
any steel structural bridge element can be derived only from long-term measurements. Therefore,
experimental investigation on real structures or on specimens located near or directly on bridges are
needed. In many European countries, these data are processed for structural steel for many years, as
in [23–25]. In some countries, extensive research has also been devoted to weathering of steel [26,27].
Similar measurements are running also in the Slovak Republic [28,29]. The data will also be used to
determine inputs for refining the corrosion map of Slovakia, as many more data are needed to improve
its accuracy in regions.
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