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Jon Iñaki Arrizubieta, Magdalena Cortina, Arantza Mendioroz, Agustı́n Salazar and 
Aitzol Lamikiz

Thermal Diffusivity Measurement of Laser-Deposited AISI H13 Tool Steel and Impact on 
Cooling Performance of Hot Stamping Tools
Reprinted from: Metals 2020, 10, 154, doi:10.3390/met10010154 . . . . . . . . . . . . . . . . . . . . 33

Unai Alonso, Fernando Veiga, Alfredo Suárez and Teresa Artaza
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Preface to ”Additive Manufacturing of Metals”

Additive manufacturing (AM), through which products are digitally manufactured from

their 3D design data in a layer-by-layer manner, is an exciting and rapidly growing family of

manufacturing technologies, offering a unique capability to realize ‘impossible’ structures, and

providing the flexibility to make low-volume production cost effective. Originally developed in the

mid-1980s, for many it is seen as a polymer-based technology; however, with the developments

in CAD/CAM and laser technology, AM has moved into the metal arena, and new metal

AM technologies, materials and applications are emerging at an ever-increasing rate, and are

among the most dynamic and exciting research frontiers in AM. The additive nature of AM also

enables unprecedented process control over the microstructure and performance of metals, and

ever-increasing demands from industry, for AM processed materials offering excellent mechanical

properties, is driving research to elucidate the often complex relationships that exist between process

parameters and material structure and properties. This Special Issue on the additive manufacturing

of metals offers an insight into the cutting-edge research that is currently being carried out in

metal AM, bringing together an interesting set of contributions that make it possible to understand

some of the phenomena that are directly related to the AM processing conditions and the resulting

microstructural and mechanical properties, as well as the impact that these have had on the industrial

application of materials. Over two-thirds of this book follow the laser powder bed fusion (PBF) of a

range of alloys, from steels through to titanium alloys, with PBF being the most widely adopted

metal AM technology both in academia and in industry, having been the founding technology for

metal AM in the mid-1990s. More recently, other methods have emerged that offer the potential

for the larger-scale higher-rate AM of components. Principally directed energy deposition (DED),

with its unrivaled range of applications, is leading as one of the most promising advanced AM

technologies for the future, and the remainder of the book is devoted to exciting new developments

in this technology. This book has strength in being a collection of articles from different authors, with

the knowledge being brought by true specialists in each area and rigorously reviewed by their expert

peers in their field. This book will be of interest and bring added value in terms of knowledge to

the entire scientific community, both academic and industrial, providing insight into these exciting

developments. The authors hope that their contributions will be of great benefit and an inspiration

to those who study and research in this field, as well as to those who wish to exploit the benefits of

metal AM in their research and for commercial enterprise.

Gregory John Gibbons

Editor
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Abstract: Wire and arc additive manufacturing (WAAM) is a novel technique for fabricating large and
complex components applied in the manufacturing industry. In this study, a low-carbon high-strength
steel component deposited by WAAM for use in ship building was obtained. Its microstructure
and mechanical properties as well as fracture mechanisms were investigated. The results showed
that the microstructure consisted of an equiaxed zone, columnar zone, and inter-layer zone, while
the phases formed in different parts of the deposited component were different due to various
thermal cycles and cooling rates. The microhardness of the bottom and top varied from 290 HV to
260 HV, caused by temperature gradients and an inhomogeneous microstructure. Additionally, the
tensile properties in transversal and longitudinal orientations show anisotropy characteristics, which
was further investigated using a digital image correlation (DIC) method. This experimental fact
indicated that the longitudinal tensile property has an inferior performance and tends to cause stress
concentrations in the inter-layer areas due to the inclusion of more inter-layer zones. Furthermore,
electron backscattered diffraction (EBSD) was applied to analyze the difference in Taylor factor
between the inter-layer area and deposited area. The standard deviation of the Taylor factor in the
inter-layer area was determined to be 0.907, which was larger than that in the deposited area (0.865),
indicating nonuniform deformation and local stress concentration occurred in inter-layer area. Finally,
as observed from the fracture morphology on the fractured surface of the sample, anisotropy was
also approved by the comparison of the transversal and longitudinal tensile specimens.

Keywords: wire and arc additive manufacturing; low-carbon high-strength steel; microstructure;
mechanical properties; anisotropy

1. Introduction

Low-carbon high-strength steel has been applied in many fields such as shipbuilding, automobiles,
mining instruments, and railways due to its unique characteristics of mechanical properties and
weldability [1]. However, it is difficult to manufacture large scale fabrications with a complex structure
by means of conventional methods, and it is also time consuming with high costs. When facing these
problems, additive manufacturing (AM) may be a better choice as a promising technology [2].

AM refers to a technology that usually joins materials together by layers, which has been
developed rapidly due to its high material utilization and high geometric freedom [3]. Compared with
conventional technologies, AM is good at manufacturing complex components, especially those that

Metals 2020, 10, 216; doi:10.3390/met10020216 www.mdpi.com/journal/metals1



Metals 2020, 10, 216

can be performance-customized within a certain time [4,5]. When considering AM technique used for
metallic alloys, wire and arc additive manufacturing (WAAM) offers better competitive advantages over
other techniques such as a higher deposition rate, lower cost, and high buy-to-fly ratio of components
that can be realized within a shorter delivery time. Meanwhile, WAAM can also overcome many
difficulties associated with manufacturing special alloys [6–8], such that it has increasingly shown
the great potential in the manufacture of large metal parts by an arc-based process [9]. The typical
WAAM can be divided into gas tungsten arc welding (GTAW), plasma arc welding (PAW), and gas
metal arc welding (GMAW) as heat sources. As a modified GMAW process, cold metal transfer (CMT)
has some advantages, such as low energy input, high deposition rate, no spattering, and extremely
stable arc, therefore this AM technique has become a popular as well as widely used technique. The
excellent characteristics of CMT make it to be an ideal process for fabricating a large-scale part, which
can overcome common troubles encountered during conventional welding process [10,11]. In this
study, it was adopted as the heat source during the deposition process.

Although WAAM is widely employed in AM due to its advantages, several challenges remain
to be addressed such as poor surface quality, inhomogeneous microstructure, and the anisotropy
of mechanical properties caused by different thermal history [12–14]. As a result, researchers have
paid even more attention to the analysis of microstructure evolution, mechanical properties, and
fracture behavior in the process of WAAM. This analysis is vital for its application in the ship building
industry. Tiago A. Rodrigues et al. [15] studied the microstructure and mechanical properties of a
high-strength low-alloy (HSLA) steel fabricated by WAAM. The same microstructural constituents of
ferrite, bainite, martensite, and retained austenite were obtained for all heat inputs. Average values for
the ultimate tensile strength ranged between 700 MPa and 795 MPa. Dai Yili et al. [16] investigated the
microstructure and mechanical properties of multi-directional pipe joints using WAAM and pointed
out that the microstructure consisted of 71.8% ferrite and 28.2% pearlite, while the average grain size
did not exceed 15 μm. The tensile strength of the forming part reached 562 MPa. Youheng Fu et al. [17]
explored the microstructure and mechanical properties of the bainitic steel WAAM part post-treated
by rolling, and illustrated that hybrid deposition and micro-rolling treatment provided a novel way
for the full transformation of columnar dendrites to equiaxed grains in the production of multi-pass
multi-layer specimens. The maximum tensile strength reached 1309 MPa after optimizing.

As aforementioned, numerous studies have been conducted on the microstructure and mechanical
properties of high-strength steel. However, few researchers have addressed the fundamental aspects
of the solidification behavior and microstructure evolution as well as local strain concentration near
inter-layer zones using DIC technology. In this study, a low-carbon high-strength steel developed
for ship building was deposited as a thin wall component. It also analyzed the surface quality,
microstructure evolution, microhardness, and transversal and longitudinal tensile properties. Finally,
the relationship between fractography and the anisotropy of tensile properties was revealed.

2. Materials and Methods

The experiments were conducted on a fixed substrate plate of 907 shipbuilding steel with
dimensions of 150 mm × 300 mm × 10 mm. The alloy wire, called A-Fe-W-86, was developed for
specific projects and used as a welding material with a 1.2 mm diameter. The chemical compositions of
the tested materials are listed in Table 1.

Table 1. Chemical compositions of substrate and wire (wt.%).

Alloy C Mn Si Cr Ni Mo Cu V Fe

907 0.12 1.00 0.80 0.64 0.67 – 0.42 – Balance
A-Fe-W-86 0.05 1.60 0.38 0.58 2.55 0.58 ≤0.10 ≤0.02 Balance

2
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During the deposition process, the CMT RCU 5000i (Fronius, Vienna, Austria) was used as a
welding power supply and the welding wire was fed to the welding torch, which was kept stationary
for each layer. The process parameters are listed in Table 2.

Table 2. Process parameters for deposition.

Process Parameters Details

Wire feed speed 4.5 m/min
Travel speed 0.25 m/min

Voltage 152 V
Current 14.7 A

Shielding Gas Ar (90%) + CO2 (10%)
Flow of gas 15 L/min

The deposition started from the end point of the previous layer for each subsequent layer. The
path strategy was chosen in order to ensure the thickness and width of the start and end portions
similar to that of the central portion, thus avoiding significant deviation from the originally expected
shape [18]. The schematic diagram is shown in Figure 1.

Figure 1. A schematic diagram for the experimental procedure.

The deposited component was prepared for the analysis of the microstructure and mechanical
properties. For consistency, all specimens were adopted from the homogeneous and stable parts
of the component. The specimens, which were used to analyze the surface quality, microstructure
evolution, and Vickers hardness (HV 0.2) of the top and the bottom, were drawn from the cross
section of the component by a ZwickRoell Indentec (ZwickRoell, Ulm, Germany) testing machine. The
tensile experiments were carried out using a Shimadzu AG-X plus (Shimadzu Scientific Instruments,
Shanghai, China) as the tester with a displacement rate of 0.02 mm/s. All tests were performed
at room temperature. The specific sampling location is shown in Figure 2. Both transversal and
longitudinal tensions were performed to obtain the data of strain evolution during the testing to reveal
the anisotropy behavior. Before the tests, specimens were sprayed with a randomized speckle pattern
that consisted of black micron size speckles on a white background to achieve high contrast. The size
and surface treatment condition of the specimen is shown in Figure 3.

 

Longitudinal specimens 

Transversal specimens 

Figure 2. Schematic diagram for sampling location.
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Figure 3. The size and surface treatment condition of the specimen.

During the testing, the strain and surface displacements were calculated by tracking the speckle
pattern on the specimen surface. Images were captured using an iX i-SPEED 7 CCD camera (iX Cameras,
Shanghai, China) at the rate of 10 fps (frames per second), with a pixel array of 350 × 750 pixels. Then,
the data were analyzed by DIC software to obtain the strain field distribution [19]. The experimental
setup is shown in Figure 4.

Figure 4. The tensile process and devices.

3. Results and Discussion

3.1. Surface Quality Assessment

It is well known that the components manufactured by WAAM have poor surface roughness and
dimension accuracy. Additionally, cracks between the inter-layer adjacent region, lack of fusion and
inclusions are usually visible. To meet industrial requirements, surface quality is a critical consideration
in the manufacturing process [20].

Figure 5 shows the typical thin-wall cross section of the as-deposited component. It can be noted
that the surface of the thin wall is uniform and well formed with good quality. The deposition strategy
can improve the deposition quality by filling the arc craters that are frequently caused at the arc start
and end points. The so-called step effect can be shown at two sides of the thin-wall, which results
from the layer-by-layer deposition model. The cross section of the polished state is shown in Figure 5a,
and it can be observed that the condition of the as-built deposition is steady, indicating that each part of
the component shows the same size. Figure 5b,c demonstrate the surface conditions after the scanning
electron microscope (SEM) analysis, which has a smooth surface and full fusion, although there are
some oxides or impurities brought from the prepared specimen. At the same time, the juncture between
layers is reported in Figure 5d,e. Optical microscopy (OM) analysis shows that cracks, inclusions, and
pores are not found in the bonding areas. Generally, the deposited part is well formed without unfused
effects, cracks, inclusions, and pores observed under the condition in the present experimental method.

4



Metals 2020, 10, 216

 
Figure 5. Assessment of the surface quality of the component: (a) Overall condition on cross section;
(b,c) surface condition analyzed by SEM; (d,e) inter-layer adjacent region condition analyzed by OM.

3.2. Microstructure

3.2.1. Microstructure Evolution

In the process of WAAM, the heat cycle repeats over and over again. Some typical phenomena
are caused by complex thermal cycles such as rapid heating, fast solidification in the fusion zone,
various temperature gradients, a large amount of heat accumulated, reheated, and then recooled. The
non-equilibrium thermodynamics governs the physical characteristics of microstructure formation
in the WAAM process. Thus, analyzing microstructural characteristics and evolution is helpful
for describing the manufacturing process [21]. Based on the thermal history illustrated above, the
microstructure can be divided into three main morphologies: (1) columnar, (2) mixture of columnar
and equiaxed, and (3) equiaxed. In other words, during the WAAM process, the microstructure can be
divided into three different regions: (1) columnar grain zone, (2) boundary zone, and (3) equiaxed
grain zone, as shown in Figure 6. The evolution of the microstructure is influenced by two crucial
control parameters including the temperature gradient (G) and solidification velocity (SV) [22]. Based
on solidification theory, the ratio of the G to SV determines the forms of the microstructure. When the
G/SV is extremely large, the solidification microstructure contains planar grains, as shown in Figure 6.
In this condition, the melt metal acts upon the former solidified layer and solidifies rapidly, G tends to
be infinite, and VS tends to be zero. When the G/SV is a relatively high value, the major solidification
microstructure is columnar grain, as shown in Figure 6; at that moment, the heat dissipation that
comes from the substrate results in a rapid cooling speed and high temperature gradient. The melt
metal solidifies quickly and then the columnar grain is obtained. In a general way, the core of the
molten pool is finally solidified. The temperature gradient and solidification velocity tend to be low,
resulting in smaller G/SV values, giving rise to the equiaxed grains as shown in Figure 6. In a word,
heat is mostly transmitted through the substrate or formerly deposited layers, and different regions
of the molten pool appear to have various temperature gradients and solidification velocities, which
eventually influences the evolution of the microstructure.

5
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Figure 6. Three typical regions of microstructure in the process of WAAM.

During the deposition process, the temperature gradient dominates the directional growth of
the microstructure and affects its morphology. The growth direction is usually perpendicular to the
boundary of the molten pool [23]. The shape and growth of dendrites in different deposited layers
vary as a function of heat dissipation, as shown in Figure 7. In this work, the component consists
of deposited layers and its macrostructure at cross section is shown in Figure 7a. Region b is close
to the substrate, representing a rapid cooling rate and large heat dissipation, which indicates a high
temperature gradient. In this region, the heat dissipation of metal liquid is perpendicular to the
substrate during the cooling and solidification processes. The direction of heat flow is therefore
perpendicular to the interface, leading to the fact that solidification is directional. Thus, the structure
of columnar grain formed is vertical to the fused interface. The typical and directional columnar
microstructure in region b is shown in Figure 7b. Along with the deposition progress, the effect of heat
dissipation from the substrate decreases by increasing the distance to the substrate, resulting in the
decrease in the temperature gradient. The columnar microstructure formed appeares less typical than
that in region b, and the details of the microstructure in region c are shown in Figure 7c. As deposition
continued, region d is hardly influenced by the substrate, but is only affected by the thermal cycles
between layers. At that time, the temperature gradient is relatively low, resulting in the inapparent
directional growth of the microstructure. Simultaneously, region d undergoes a long period of heating,
leading to a coarse microstructure. The conditions of region d are shown in Figure 7d. At the end
of the deposition, the microstructure of regions e and f on the top of component are presented in
Figure 7e,f, separately. In both regions, the columnar grain is rarely observed, while a uniform and fine
microstructure appeare. To some extent, the characteristics of the microstructure are disclosed due to
rapid cooling resulting from contact with the environment and no subsequent heating.

6
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Figure 7. Microstructure evolution for different parts of the as-deposited component: (a) Macrostructure
of the cross section; (b) Region b; (c) Region c; (d) Region d; (e) Region e; (f) Region f.

3.2.2. Phase Transformation

It is well know the phase transformation and microstructure development of the metal component
fabricated by WAAM are completely different compared to that of conventional manufacturing. The
WAAM fabricated components undergo a slower cooling rate and gradual/equilibrium thermodynamics
processes, thereby obtaining more homogeneous properties. In this study, the phase transformation at
different positions of (from bottom to top) the component is investigated and reported in Figure 8,
in which Figure 8a shows the details of the typical phases of the bottom part. Here, the phase
transformation analysis is based on phase morphology and the continuous cooling transformation
diagram of a high strength steel with a similar chemical composition [24]. At the beginning of
deposition, since the bottom layer is affected by the substrate and is then cooled rapidly, thus martensite
transformation occures. It plays a tempering role under the influence of a long-term thermal cycle in
the subsequent deposition layer, with the occurrence of tempered sorbite transformation. Along with
the tempered sorbite transformation, the major phase transformation is bainite due to the intermediate
cooling rate. Under the action of tempering, tempered bainite is achieved. Thus, the phase composition
at the bottom is tempered bainite and tempered sorbite. As deposition continues, the part close to
the bottom moves away from the substrate gradually, lowering the cooling rate and heat dissipation,
thereby reducing the content of tempered sorbite. At this time, the phase composition at the bottom is
tempered bainite and less tempered sorbite, as shown in Figure 8b. As deposition height increases
heat accumulation approaches saturation state, while the heat input and output are in balance, which
presents a lower temperature gradient and cooling rate, resulting in the fact that it could not achieve
the transformation requirement of tempered sorbite. As a consequence, the phase composition at the
middle is almost made up of tempered bainite, as shown in Figure 8c. When deposition arrives at the
end, the melt pool emerges at a rapid cooling rate due to mass heat dissipation with the environment,
which allows the tempered sorbite transformation to occur again [25]. At the same time, some ferrite
transformation takes place due to the lack of subsequent heating. Under this circumstance, the phases
on the top are composed of tempered bainite, tempered sorbite, and ferrite, as reported in Figure 8d.

7
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In general, the complex phase transformation is caused by distinct thermal cycles and various cooling
rates. This phenomenon eventually results in different phase transformation in diverse regions.

Figure 8. Phase transformation of different parts of the component: (a) bottom part; (b) part close to
the bottom part; (c) middle part; (d) top part.

3.3. Microhardness

In this study, the average microhardness is measured from the bottom to the top, the changes
in the microhardness of the vertical cross section of the as-deposited component are measured, the
results are reported in Figure 9. It can be seen that the maximum value of microhardness is found
to be around 290 HV near the bottom part. As the height of deposition increases, the microhardness
decreases slightly and fluctuats between 280 HV and 270 HV. Then, the microhardness varies between
270 HV and 260 HV when measured near the top part. Generally, the deposited material goes through
complex thermal cycles, which is expected to affect the microhardness [26,27]. It has been confirmed
that the fluctuation of the microhardness comes from various thermal cycles and cooling rates in
diverse parts of the component, and the microhardness values of multilayers are influenced by the
heating at previous layers [28]. Furthermore, the compositions of the microstructure at the bottom,
in the middle, and on the top also play a significant role on microhardness. As depicted from the
previous analysis on phase transformation, the phase at the bottom is made up of tempered bainite
and tempered sorbite, the phase in the middle is composed of tempered bainite, and the phase on the
top is comprised of tempered bainite, tempered sorbite, and ferrite. In terms of the microhardness,
tempered bainite + tempered sorbite > tempered bainite > tempered bainite + tempered sorbite +
ferrite, hence, the microhardness of the components shows such a characteristic, which is in line with
the microstructure results.

8
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Figure 9. Microhardness along the longitudinal direction for the cross section.

3.4. Tensile Test and DIC Analysis

The results of transversal and longitudinal tensile tests are listed in Table 3. As summarized from
the data, the transversal tensile property obtained is better than that of the longitudinally stretched,
indicating an anisotropy behavior, which usually occurs in the process of WAAM [29].

Table 3. Transversal and longitudinal tensile properties.

Specimen Type
Ultimate Tensile
Strength (MPa)

Yield Strength
(Rp 0.2, MPa)

Elongation (%)

Transversal specimens
1007.6 818.0 12.6
1020.3 825.5 12.4
1025.5 831.6 12.6

Longitudinal specimens
968.2 743.2 10.2
978.6 749.3 10.1
982.8 755.1 10.5

To reveal the anisotropy mechanisms, a DIC analysis is performed on a typical group of specimens
and eight typical points are selected to represent the strain evolution during the transversal and
longitudinal tensile tests separately. The selected experimental points can be seen from the stress–strain
curves, as shown in Figure 10.

Figure 10. Transversal and longitudinal stress–strain curves and eight typical points selected.
(a) Transversal curve; (b) longitudinal curve.
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Figure 11 shows the strain evolution of the transversal and longitudinal specimens during the
tensile testing. Each typical point selected in Figure 10 corresponds to the point in Figure 11. For
the tensile test of the transversal specimen, strain evolution can be seen from P1 to P8, as shown in
Figure 11a. Before the global strain reaches a certain extent, uniform strain distribution can be observed
in the deformation area such as P1 and P2. This means that every area of the gauge section is involved
in uniform deformation during the tensile process. As the tensile test proceeds, the applied load
begins to increase. Local stress concentrations can be obtained from P3 to P6. Then, when necking
takes place in the area of deformation, the local stress concentration intensifies and the macro stress
reduces, as shown as P7 and P8. The strain evolution of the transversal tensile process is the same as
that of the classic homogeneous material. In contrast, the strain evolution of the longitudinal specimen
can be summarized by P1’ to P8’, as shown in Figure 11b. It can be seen that a high local strain
occurred around several areas of the gauge section, shown as P1’ to P4’. This means that nonuniform
strain distribution happens due to inhomogeneous stress. As the experiment continued, local stress
concentration can be seen, but is markedly different from that of the transversal specimen. During
this stage of deformation, the maximum strain existes while combined with local high strain near
other areas, which can be observed as P5’ and P6’. At the end of the experiment, necking emerged,
leading to stress concentration, which reduces the effect of the inhomogeneous strain distribution of the
specimen, seen as P7’ and P8’. From the comparison of the strain evolution between the transversal and
longitudinal specimens, the latter one shows inferior properties and a nonuniform strain distribution.

Figure 11. Strain evolution of transversal and longitudinal specimens during the tensile test.
(a) Transversal specimen; (b) longitudinal specimen.

It is well known that the anisotropy of AM leads to different transversal and longitudinal behaviors
and properties, mainly influenced by temperature gradients that are varied in successive layers and the
penetration of the molten pool in the previous deposited layer [30–32]. As heat dissipation is higher in
the forming direction than that in other directions, its solidified direction results in the anisotropy of
grain morphology and mechanical properties. Additionally, longitudinal specimens are parallel with
the building direction, implying that more inter-layer areas will be included within the test region. As
a weakness, phase mutation and residual stress can usually be found near the inter-layer area, which
results from the element interaction and large temperature gradient [33,34]. Researchers have also
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pointed out that the inter-layer area is considered as the weak link and that the strain tends to be
focused in this region [35]. The cracks and material failure usually take place around these areas in the
non-uniform specimen [36].

To give a further illustration of anisotropy, the strain cloud images of the transversal and
longitudinal tensile specimens during the first 70 s of the experiment are shown in Figure 12. It can
be seen from the differences in Figure 12b that they exhibit a nonuniform and intermittent strain
distribution of the longitudinal tensile specimen because several interlayers are included, and that of
the transversal specimen is relatively uniform, as shown in Figure 12a.

 
Figure 12. Cloud images of strain of transversal and longitudinal specimens. (a) Transversal specimen;
(b) longitudinal specimen.

Additionally, after investigation on the initial stage of deformation, a comparison of the local
strain distributed in the gauge section of the transversal and longitudinal tensile specimens is also
made. Referred to as P5, P6, P7 and P5’, P6’, P7’, the results are shown in Figure 13. A high local
strain region of the transversal specimen lay in the middle part and the local strain concentration
reaches the maximum at P7, as shown in Figure 13a, while more than one region with a high local
strain can be observed from the longitudinal specimens. With the experiment proceeding, the local
strain difference increases and the local strain concentration is aggravated and reaches a peak at P7’,
as shown in Figure 13b. Therefore, nonuniform local strain distribution of the longitudinal specimen is
obvious, regardless of whether it is at the beginning or end of the deformation.

Figure 13. Comparison of the local strain distribution in the gauge section: (a) Transversal specimen;
(b) longitudinal specimen.

The high strain zone is used to refer to all zones of strain concentration and treated as a significant
consideration during the tensile test [37]. In this study, the strain distribution condition in the high
strain zones before fracture on the transversal and longitudinal tensile specimens is shown in Figure 14.
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Figure 14. Strain distribution condition in high strain zones before fracture. (a) Transversal specimen;
(b) longitudinal specimen.

Based on the strain distribution condition, high strain zones can be divided into six high strain
gradients and a comparison of the duration of high strain gradients is made to reveal the differences
between the transversal and longitudinal tensile specimens. The results are shown in Figure 15. It can
be seen from Figure 15, that the duration in the high strain zone (from stage I to VI) of the transversal
specimen is longer than that of the longitudinal specimen. Furthermore, as high strain varied from
stage VI to I (close to fracture), the duration gap between the transversal and longitudinal specimens
gradually expands, suggesting that in high strain zones, the transversal specimen performed better,
and the higher strain stage the tensile test experiences, the more remarkable the duration superiority of
the transversal specimen.

 
Figure 15. Comparison of the duration in high strain stages between the transversal and longitudinal
specimen. T—Transversal specimen; L—longitudinal specimen.

3.5. Fractography Observation

Fracture property is one of the critical considerations in material design and plays a significant
role in the engineering field. The longitudinal and transversal fracture morphologies are analyzed
via SEM. The macroscopic fracture morphology of the tensile specimens is shown in Figure 16. It
can be seen that several inter-layer lines are observed from the longitudinal specimen after fracture,
as shown in Figure 16a. This phenomenon results from the inferior mechanical properties of inter-layer
areas, which are treated as the weak link. It has been proven that strain tends to be concentrated in the
weaker areas in the non-uniform regions and cause fracture in these regions [38]. This is consistent
with the strain evolution and local strain analysis that has been previously mentioned, interpreting
the anisotropic mechanical properties. The surface of the macroscopic fracture of the longitudinal
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specimen is shown in Figure 16b where a bumpy and undulating surface morphology can be observed.
The surface of the macroscopic fracture of the transversal specimen is illustrated in Figure 16c where
the surface is smooth and located at a certain angle with the axial tensile stress.

Figure 16. Macroscopic fracture appearance of tensile specimens. (a) Longitudinal and transversal
specimens after fracture; (b) macroscopic fracture of longitudinal specimen; (c) macroscopic fracture of
transversal specimen.

In order to give a further illustration of this phenomenon, a comparison between the inter-layer
area and deposited area on the Taylor factor is conducted by electron backscattered diffraction (EBSD).
It is generally accepted that the Taylor factor is an important parameter, which determines the stress
required to activate a slip system. This means that the Taylor factor plays an important role in tensile
behavior, followed by the relationship:

σ = Mτc (1)

where σ is the applied stress; M is Taylor factor; and τc is the critical resolved shear stress on each of
the activated slip systems [39].

The comparison results of the Taylor factor distribution are shown in Figure 17. Compared
with the distribution of the Taylor factor in the deposited area shown in Figure 17b, a less uniform
distribution of the Taylor factor in the inter-layer area can be observed in Figure 17a. This confirms that
nonuniform strength distribution takes place in the inter-layer area. The statistics for the Taylor factor
distribution are depicted in Figure 18. The standard deviation of the Taylor factor in the inter-layer
area is 0.907, larger than that of the deposited area (0.865).

Figure 17. Comparison between the inter-layer area and deposited area on the Taylor factor:
(a) Inter-layer area; (b) deposited area.
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Figure 18. Statistics between the inter-layer area and deposited area with the Taylor factor: (a) Inter-layer
area; (b) deposited area.

A higher standard deviation of the Taylor factor means less uniform strength distribution in the
inter-layer area. During the tensile test, to maintain the consistence of deformation, the grains located
on both sides of the boundary are forced to deform consistently. Thus, nonuniform deformation and
local stress concentration take place around the boundary, resulting in zigzag surface features near
the fracture of the longitudinal specimen, as shown in Figure 16b, where it is constant with the strain
evolution and local strain analysis that has been previously mentioned, interpreting the anisotropic
mechanical properties. The result mainly corresponds to the directional growth of the microstructure,
which has been confirmed by previous investigations [40].

The fracture morphologies of the transversal and longitudinal specimens are shown in Figure 19.
It can be seen from Figure 19a,b that the transversal and the longitudinal fracture surfaces both present
as grey and fibrous, revealing ductile fracture. Additionally, a large number of equiaxed dimples
with a relative uniform distribution are apparent on the fracture surface of the transversal specimen,
shown in Figure 19c. In contrast, the mixed-rupture characteristics of quasi-cleavage and small dimples
emerge on the fracture surface of the longitudinal specimen, as depicted in Figure 19d. Through the
comparison of the appearance of dimple dimensions and depths of the transversal and longitudinal
fracture, one can find the transversal are greater, which indicates that the transversal specimen has
better ductility. Although the feature of quasi-cleavage is observed from the local part of the fracture
on the longitudinal specimen, it can still show high ductility. Therefore, it is concluded from the result
of the fracture analysis that the longitudinal mechanical property is inferior to that of the transversal
one, which is in accordance with the above analysis.

 

Figure 19. Fracture morphology of the tensile specimens: (a,b) Macroscopic fracture morphology
of the transversal and longitudinal specimens; (c,d) typical fracture features of the transversal and
longitudinal specimens.
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During the process of fracture analysis, a large number of uniformly distributed particles are
found in the dimples, as shown in Figure 20a. The particles may be instrumental in the formation of
dimples [41]. In this study, most particles are smaller than 1 μm, implying that during the process of
fracture, larger stress is required for the formation of microvoids, and that the growth rate of microvoids
is lower [42]. Energy dispersive X-ray spectroscopy (EDX) is applied to analyze the composition of the
particles, and the results are shown in Figure 20b. It can be seen that Fe, Ti, Al, O, Mn, and Si are the
main elements of the particles, which can be identified as non-metallic inclusions such as Al2O3 or
Ti2O3. The existence of the particles can be considered as nucleation points for dimples.

Figure 20. The distribution of particles and their EDX analysis: (a) distribution of second phase
particles; (b) the EDX analysis.

4. Conclusions

In this investigation, a low carbon component with high strength was fabricated by WAAM without
any visible detects and an analysis on its microstructure and mechanical properties was undertaken,
which showed potential for industrial application. The following conclusions can be drawn:

1. The microstructure of the bottom part showed a directional growth of columnar grains, and as
the deposition continued, the features of the directional growth of microstructure were weakened
due to the temperature gradient variation, nearly disappearing in the top part. The formation of
the phase at the bottom was tempered bainite + tempered sorbite, that at the middle part was
tempered bainite, and the one at the top part was composed of tempered bainite + tempered
sorbite + sorbite ferrite. The transformation of the microstructure resulted from the different
thermal cycles and cooling rate.

2. The microhardness varied from the bottom to the top part due to the formation of different
microstructures. The bottom part showed the highest microhardness, which was around 290 HV
and dropped down from 280 HV to 270 HV in the middle part. Then, it emerged as a lower value
at the top part, which fluctuated from 270 HV to 260 HV.

3. The tensile strength of the longitudinal specimen had an inferior performance to that of the
transversal specimen, showing anisotropy behavior. Several areas with local strain concentration
of the longitudinal specimen could be found at the beginning and end stage of the tensile test
when investigated using a DIC method. Additionally, the duration in the high strain stages of the
longitudinal specimen was shorter and deteriorated with increasing strain.

4. A ductile fracture was revealed in both the transversal and longitudinal fracture surfaces. Several
inter-layer areas as weak regions could be observed from the surface of the longitudinal specimen
after fracture, resulting in local strain concentration. It was confirmed that the longitudinal
mechanical property was inferior to that of the transversal specimen, showing anisotropy
characteristics. Some particles existing as inclusions such as Al2O3 or Ti2O3 were found on the
fracture surface.
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Abstract: This research was carried out to determinate the effect of the atmosphere processing
conditions (air and argon) and two specific thermal treatments, on the properties of specimens made
from the nickel-based alloy Hastelloy C-22 by plasma transferred arc (PTA). Firstly, the additive
manufacturing parameters were optimized. Following, two walls were manufactured in air and
argon respectively. Afterwards, a determinate number of specimens were cut out and evaluated.
Regarding the comparison performed with the extracted specimens from both walls, three specimens
of each wall were studied as-built samples. Furthermore, a commonly used heat treatment in
Hastelloy, with two different cooling methods, was selected to carry out additional comparisons.
In this respect, six additional specimens of each wall were selected to be heat treated to a temperature
of 1120 ◦C for 20 min. After the heat treatment, three of them were cooled down by rapid air cooling
(RAC), while the other three were cooled down by water quenching (WQ). In order to study the
influence degree of the processing conditions, and how the thermal treatments could modify the final
properties of the produced specimens, a detailed characterization was performed. X-ray diffraction
and microstructural analyses revealed the phases-presence and the apparition of precipitates, varying
the thermal treatment. Moreover, the results obtained after measuring mechanical and tribological
properties showed slight changes caused by the variation of the processing atmosphere. The yield
strength of the extracted specimens from the two walls achieved values closer to the standards
ones in air 332.32 MPa (±21.36 MPa) and in argon 338.14 MPa (±9 MPa), both without thermal
treatment. However, the effect of the cooling rate resulted as less beneficial, as expected, reducing the
deformation properties of the specimens below 11%, independently of the air or argon manufacturing
atmosphere and the cooling rate procedure.

Keywords: additive manufacturing; plasma transferred arc; processing conditions; mechanical
properties; microstructure; Hastelloy C-22

1. Introduction

In recent years, additive manufacturing technologies have become valued processes based on their
competitive and comparative advantages in the production of specimens with complex geometries.
Regarding the technique developments, one classification could then be done dividing into two big
groups in light of the way the material is provided: Powder bed techniques or blown-powder/wire-feed
techniques [1–7].

The technology of plasma transferred arc (PTA) is considered one of the most interesting additive
techniques to process specimens through layer depositions [8–11] by blown powder. When the wire is
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employed, the technique could be considered as one of the wire arc additive manufacturing (WAAM)
processes, in addition to tungsten inert gas/metal inert gas (TIG/MIG) [12]. The PTA is included in
the recently named group 3D Plasma Metal Deposition (3DPMD) that belongs to the category of
directed energy deposition processes [13–15]. This manufacturing process permits us to carry out the
fabrication of specimens with larger dimensions than specimens produced by powder bed techniques.
Furthermore, the production rate might be higher due to the employment of a higher feed rate in
comparison to other additive techniques [16,17].

In order to research the possibilities of developing materials with interesting properties, this
study was proposed. The flexibility of the employed technique allowed the realization of a detailed
investigation of possible changes in the final specimen’s properties as consequence of variation in the
setup parameters. The selected material was Hastelloy C-22. This alloy presents excellent corrosion
behavior as well as mechanical properties, being commonly employed in the industrial sectors [18–23]:
Chemical, petrochemical, aerospace, etc.

The main goal of this research was the production of Hastelloy C-22 walls with good mechanical
properties by PTA. In pursuing this goal, the aim of this study was threefold: (1) The manufacturing of
walls made from Hastelloy with large dimensions by the optimization of processing parameters; (2) the
determination of influence degree in the specimens of the manufacturing atmosphere, in air or argon
conditions; and (3) the evaluation of thermal treatments on the final behavior of specimens. Therefore,
a wall was fabricated in air conditions firstly, and a second wall was built in argon atmosphere
subsequently. Thereafter, from the two walls, determined samples were extracted from marked
positions to compare their final properties. Moreover, two thermal treatments were defined to evaluate
if the specimens would suffer variation in their properties caused by their cooling rate.

2. Materials and Methods

The starting material employed was powder from Hastelloy C-22, supplied by Atomising
Systems Limited (Sheffield, UK). This powder was produced by the conventional method of powder
manufacturing known as plasma-atomization process. In Figure 1, the spherical morphology of the
Hastelloy particles can be appreciated. Furthermore, the chemical composition of the manufactured
powder was compared to the standard one; both are listed in Table 1. In the granulometry given by the
manufacturer, d50 (average) was 82.74 μm, and d10 and d90 were 57.39 μm and 125.14 μm, respectively.

Table 1. Composition of Hastelloy C-22.

Element
Supplied Hastelloy C-22

[%wt.]
Standard Hastelloy C-22

[%wt.]

Ni Bal. Bal.
C 0.007 max. 0.015

Co 0.40 max. 2.50
Cr 22.11 20.00–22.50
Fe 5.00 2.00–6.00
Mn 0.65 max. 0.50
Mo 12.37 12.50–14.50
Si 0.91 max. 0.08
V <0.02 max. 0.35
W 3.63 2.50–4.00
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Figure 1. Circular backscatter detector (CBS)-SEM image of the starting powder of supplied
Hastelloy C-22.

After the powder characterization, the production of the specimens was developed. In this
research, the additive manufacturing equipment used for this research was based on PTA technology,
self-made, and adapted (RHP-Technology GmbH, Seibersdorf, Austria). In the torch, the plasma was
generated. Then, the feeding materials were melted with the plasma energy (Figure 2).

Figure 2. Scheme of the plasma transferred arc (PTA) torch.

As novelty in this research, an argon atmosphere was employed, in addition to an air conventional
atmosphere. When using an argon atmosphere, the specimens were built inside a designed argon box.
For ensuring the environmental conditions, an oxygen sensor (Oxy 3. Orbitec GmbH, Seligenstadt,
Germany) was placed near the torch [24].

The torch had an internal cooling circuit where water ran, preventing its melting due to the
plasma. The distance between the torch and the substrate or specimen during the fabrication was
10 mm. An argon plasma was induced by introducing the gas between the electrode and the copper
cylinder (pilot gas, 1.5 L/min), applying a potential of 20 V. The pilot flame was employed to start the
plasma arc between the electrode and the substrate connected to ground. Different electric currents
could be applied to increase or decrease the intensity of the plasma arc energy.

At the same time, building in air atmosphere, there was another gas that acted as a shield (shielding
gas, 15 L/min) preventing the seam from oxidizing during the process. It was applied by coupling an
external copper cylinder to the torch. Several gases could be inserted as shielding gases, as argon pure
or mixed with a 5 vol% CO2 gas, depending on the material to be processed, and the properties to be
reached. In this investigation, pure argon (99.99% purity, Air Liquide, Paris, France) was employed as
shielding gas in the manufacturing of all the specimens.
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The material was fed as powder to the plasma jet by aligned holes. For a better powder flowing
through the ducts, it was injected with a pressurized gas (powder gas, 1.5 L/min), argon.

This additive manufacturing equipment could build large size components thanks to the torch
fixed to an XYZ mechanical, which allowed the torch to move through the working table. This working
table was made from aluminum profiles, cooled to ease the heat transfer through the system.

Firstly, a flow test was performed to check if the powder size and shape were optimal for the
process. Values in g/min after using different engine units (U) of the rotating metering powder feeder
were obtained during the flowability test (Figure 3). A clear linear trend was obtained as the value of
motor unit’s increase. This means that the powder had a good flow through the ducts of the system
and there were no clogging problems.

Figure 3. Flowability test of the Hastelloy C-22 powder on the PTA device.

After checking the flowability of the powders, a preliminary bead on a plate welding test was
conducted with different parameters (see Table 2), to properly select the more efficient ones and to
produce the best quality seam for a subsequent application to the final sample structure. Several
parameters’ combinations were tested in order to meet a range of processing conditions. By varying
the most significant processing parameters (current 120–250 A, speed 100–400 mm/min, material feed
rate 11–43.5 g/min), different single seams were welded on a steel AISI 1015 (Figure 4). The dimensions
of this substrate were 200 mm × 300 mm × 10 mm. The surface was previously cleaned by brushing.

Table 2. Test processing parameters.

Layer
Current

[A]
Travel Speed

[mm/min]
Feed Rate

[g/min]

1 120 200 13.5
2 140 200 13.5
3 180 200 13.5
4 220 200 13.5
5 120 200 11.0
6 120 100 11.0
7 140 100 11.0
8 160 100 11.0
9 140 300 29.0
10 180 300 29.0
11 220 300 29.0
12 250 400 43.5
13 140 300 11.0
14 180 400 29.0
15 180 400 24.5
16 140 300 13.5
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Figure 4. Processing parameters test.

There were no initial geometrical specifications (seam width and height) predefined in this work.
The final height resulted from the layer deposition, and the seam width was the obtained under the
fabrication parameters.

By visual inspection, the parameters of the seams with better geometrical and surface quality were
selected (6, 7, and 10 from Figure 4). Then, oscillation bead on plate welding tests were performed with
these conditions (Figure 5). The oscillation movement helped to improve the quality of the different
parts because the torch stayed longer on top of the hot spot after the melting pool. The oscillation
parameters were: (1) The amplitude, 7.5 mm and (2) the overlapping, 2.5 mm. The oscillation amplitude
resulted in 15 mm for the walls width. The shielding gas protected more during the very beginning
of the cooling of the pool, reducing the oxidation due to high temperature. Considering the most
promising parameters, seam number 14 from Figure 5, the constructions of both walls were conducted
in air and argon. This sample was the candidate selected based on a visual checking of the first
manufactured specimens, thus there were neither cracks nor pores.

 

Figure 5. Oscillation bead on plate welding test.

Obviously, the height of the resulting wall was set considering the height of each layer deposition.
Setting the parameters listed in Table 3, the walls of dimensions 120 mm × 40 mm × 15 mm were
manufactured. To reach this height of 40 mm, 16 layers were necessary, as can be appreciated in
Table 3 and Figure 6. With the purpose of obtaining a proper comparison in the study of the effect of
the manufacturing atmosphere on the material properties, the similar parameters, strategy, and the
number of layers were used to build both walls, in air and argon atmospheres.

23



Metals 2020, 10, 200

Table 3. Fabrication parameters for Hastelloy C-22 wall produced in air and in argon atmosphere.

Specimen Layer Number
Current

[A]
Travel Speed

[mm/min]
Feed Rate

[g/min]

Two Hastelloy
walls produced in
air and in argon

1 180 400 29.0
2 160 500 24.5

3–9 150 600 18.0
10–16 150 700 13.5

 

Figure 6. Walls in as-built conditions: (a) Produced under air atmosphere, (b) produced under
argon atmosphere.

Next, the extraction of the specimens was conducted following a determinate distribution plan
and marks of the location of the cut specimens from each wall. The cutting machine employed was
an electrical discharge machine Mitsubishi FX-20 (Mitsubishi, Ratingen, Germany). The geometry of
the tensile samples is shown in Figure 7, as well as the sample disposition on the wall. Three sets of
samples were extracted.

 

Figure 7. Tensile test sample geometry (in millimeters) and positioning of tensile test samples extracted
from the produced sample walls.
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The extracted specimens were studied under determined conditions: (1) As built, (2) after thermal
treatment 1 (TT1), and (3) after thermal treatment 2 (TT2). Therefore, the heat treatment parameters
were previously set up according to recent bibliography [25]. The cooling stage was the main difference
between them. The two sets of samples were heat-treated at 1120 ◦C for 20 min in a high vacuum
furnace under an argon atmosphere. On the one hand, the set named TT1 suffered a cooling down by
rapid air cooling (RAC = TT1). On the other hand, the remaining treated set (named TT2) was cooled
down by water quenching (WQ = TT2) after the heat treatment (Figure 8).

Figure 8. Thermal treatments applied to the specimens.

The study of the specimens was conducted through a detailed characterization. The microstructural
study was performed by scanning electron microscopy (SEM) using a TENEO 6460LV microscope (FEI
Teneo, Hillsboro, OR, USA), equipped with an energy dispersive X-ray spectrometry (EDS) system to
carry out the phase analysis. X-ray diffraction (XRD) analysis was performed by a Bruker D8 Advance
A25 (Bruker, Billerica, MA, USA) with Cu-Kα radiation. In a tester model, Struers-Duramin A300
(Struers, Ballerup, Denmark), the measurement of the mechanical properties was performed to ascertain
the Vickers hardness (HV2). Room-temperature tensile tests were performed on a universal testing
machine Instron 5505 (Instron, Norwood, MA, USA) with a strain rate of 0.5 mm·min−1. Concluding the
characterization, the tribological behavior of the samples was determined by a ball-on-disc tribometer
(Microtest MT/30/NI, Madrid, Spain) using aluminum balls (6 mm in diameter) with a sliding speed
of 200 rpm and a normal load of 5 N on the ball during 15 min on a circular path of 2 mm in radius.
The surface morphology was studied by optical microscopy (OM) with a Leica Zeiss DMV6 (Leica
Microsystems, Heerbrugg, Switzerland).

3. Results

3.1. Microstructural Study and XRD Analysis

The microstructural study revealed, in general, the apparition of precipitates that showed a
distribution mainly oriented. Then, two typologies of phases were clearly differenced, a darker area
named “matrix”, and plenty of light grey precipitates. In Figure 9, the SEM images showed such
precipitates, as well as their special orientation in the microstructure of a specimen fabricated under
air and argon conditions during the PTA process without thermal treatment (named “as-built”), and
placed at the position 1.2 (according to Figure 7) in both Hastelloy C-22 walls.
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Figure 9. CBS-SEM images of Hastelloy C-22 specimens manufactured without thermal treatment (a,b),
and in air (c,d) argon.

As can be seen in Figure 9a,c and Figure 10, at low magnifications (100×) the grain distribution
could be clearly identified, regardless of the thermal treatment. Therefore, their origin and distribution
could be attributed to possible segregation phenomena during the additive process. Residual porosity
could be observed in the specimens, even after the heat treatments.

 

Figure 10. CBS-SEM images of Hastelloy C-22 specimen manufactured in air with thermal treatment,
(a) thermal treatment 1 (TT1) (rapid air cooling (RAC)) and (b) TT2 water quenching (WQ).

Subsequent test by EDS analysis confirmed the compositional differences between the darker
regions (matrix) and the light grey precipitates, observed in Figure 9. The representative spots checked,
in addition to the results of the EDS analysis, are summarized in Figure 11 and Table 4. The elements
analysis in light grey spots resulted in regions rich mainly in Mo, and in which the percentage in
weight of Cr and Ni elements were lower than in the area considered as the matrix in the Hastelloy
C-22. That suggested a possible diffusion of the Mo atoms, mainly during the layer depositions, as
well as decrement of other characteristic elements of the Hastelloy C-22, as Ni and Cr. The mapping
test (Figure 12) confirmed the elements’ compositional variations occurred in the alloy, caused by
the manufacturing process. Similar results were obtained in analysis carried out in other specimens
processed in argon and thermal treated.
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Figure 11. SEM image of the Hastelloy C-22 specimen manufactured under air without thermal
treatment and EDS analysis (analyzed specimen 1.2).

Table 4. EDS composition for the Hastelloy C-22 specimen manufactured under air without
thermal treatment.

Element
Spot 5
[%wt.]

Spot 3 in a Precipitate
[%wt.]

C K 4.46 6.30
Si K 0.84 2.53
W M 1.81 5.63
Mo L 8.73 28.70
V K 0.11 0.07
Cr K 22.04 17.80
Mn K 1.43 0.79
Fe K 4.70 2.79
Co K 0.68 0.45
Ni K 54.41 34.59
Cu K 0.80 0.36

 

Figure 12. Mapping of specimen in air without thermal treatment (analyzed specimen 1.2): CBS-SEM
(upper-left), Si, Mo, Cr, Mn, Fe, Ni, Cu.
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The XRD analyses were performed, and the patterns of specimens produced under air are shown
in Figure 13 and the ones manufactured in argon atmosphere are illustrated in Figure 14. The pattern
of specimens without thermal treatment processing in air showed the highest peaks in comparison
with the observed peaks in the pattern of the rest of the specimens under air or argon independently.
This result suggested that the intensity of these peaks was related to the high crystallinity that this
specimen could present. On the contrary, the alloy peaks belonging to the specimen processed under
argon without any thermal treatment showed low intensity; note, in that regards, the processing
conditions modified the characteristics on the crystallinity of the specimens. The pattern of specimens
treated by cool down by water quenching (WQ = TT2) after the heat treatment showed almost the
same tendency of the alloy peaks, independently of the processing conditions.

 
Figure 13. Pattern diffraction of specimens produced in air conditions.

 

Figure 14. Pattern diffraction of specimens produced in argon conditions.

As it can easily appreciate, there were significant differences in the patterns of specimens whose
thermal treatment finalized by rapid air cooling (TT1). This cooling process presented the lowest
cooling rate, promoting in this stage singular variations in the crystallinity and phases presented in
the specimens. Hence, in the framework of the thermal treatments, significant variations were found
in the patterns of specimens where the crystallinity could be affected by the circumstances related to
the cooling rate, independently of the air or argon fabrication conditions. Possible phases could be
forming since peaks of these phases as FeNi and carbides could be matched to the main alloy peak.
However, they were probably overlapped under the alloy peak. For that reason, the mentioned peaks
were not marked in Figures 13 and 14.

3.2. Mechanical Properties and Wear Behavior

In this section, the mechanical properties obtained by tensile tests were studied and evaluated.
The values of the most representative mechanical properties are summarized in Tables 5 and 6, being
Young’s modulus (E), yield strength (YS), ultimate tensile strength (UTS), and deformation. Three
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specimens were tested for each category, which means three specimens without treatment, three
suffered a cooling down by rapid air cooling (TT1), and three after treatment by cool down by water
quenching (TT2). When the empirical values of mechanical properties were compared to the theoretical
ones, slight differences were observed [26]. The Hastelloy C-22 walls produced by the PTA technology,
in average, (Tables 5 and 6) did not reach the mechanical properties that indicate the standard reference,
the elongation properties, in particular, independently of the processing conditions and the thermal
treatment [27]. This behavior is characteristic of the additive manufacturing process itself. While the
YS values were closer to the minimum reference values (310 MPa) and UTS values were slightly lower
than the reference ones (690 MPa), the elongation results were very low, not achieving even one-third
or one-fourth of the standard value (reference value 45% of elongation). These results were similar
with other ones obtained using additive manufacturing techniques [28]. Moreover, after performing
the different thermal treatments (TT1 and TT2), the mechanical properties did not undergo some
significant improvements. Although UTS properties in specimens fabricated in air and after TT1 and
TT2 slightly improved on average, 660 MPa and 644 MPa, respectively, the elongation receded from
the reference visibly below 11% and 9.2% in each case. Regarding the cooling rates referred to TT1
and TT2, the results suggested that the low cooling rate (TT1 = RAC) improved more the UTS than
using a high cooling rate (TT2 =WQ) (see Table 5). In specimens processed in argon conditions, the
mechanical properties showed almost the same trend, affecting the highest cooling rate (TT2 =WQ) to
the elongation of the specimens, on average below 8.5%.

Table 5. Mechanical and physical properties of the specimens produced in air atmosphere condition.

Specimen Treatment E [GPa]
Yield Strength

[MPa]
UTS [MPa]

Deformation
[%]

1.1
As built

209.30 352.52 611.84 16.59
1.2 201.23 334.46 650.37 24.04
1.3 181.23 309.97 516.84 9.32

Average set 1 197.49 332.32 593.02 16.65
2.1

TT1
158.21 307.42 715.87 13.18

2.2 135.33 271.24 717.40 15.74
2.3 147.47 295.84 547.38 3.89

Average set 2 147.00 291.50 660.22 10.94
3.1

TT2
183.64 298.92 690.13 10.89

3.2 200.45 307.52 686.08 12.29
3.3 218.20 303.95 556.75 4.31

Average set 3 200.76 303.46 644.32 9.17

Table 6. Mechanical and physical properties of the specimens produced in argon atmosphere condition.

Specimen Treatment E [GPa]
Yield Strength

[MPa]
UTS [MPa]

Deformation
[%]

1.1
As built

167.18 347.97 620.20 23.46
1.2 137.53 336.75 516.90 11.51
1.3 130.11 329.71 513.90 12.26

Average set 1 144.94 338.14 550.33 15.74
2.1

TT1
131.23 348.52 711.72 15.22

2.2 130.92 350.08 646.63 9.39
2.3 155.37 366.25 625.52 7.96

Average set 2 139.18 354.95 661.29 10.86
3.1

TT2
161.62 365.35 628.71 7.04

3.2 152.37 349.25 604.39 6.86
3.3 135.85 337.09 625.98 10.50

Average set 3 149.95 350.56 619.69 8.13

Comparing the manufacturing atmosphere conditions, the alloy presented almost similar
mechanical properties for both conditions in average values. While the wall built in air condition showed
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very low UTS values in specimens extracted on the top layer, the wall built under argon presented
more homogeneity related to their mechanical properties, independently of the extracted location.

The obtained results after the tribological characterization were evaluated in order to determinate
if there were correlations to the mechanical properties. In Figure 15, the friction coefficient of the
tested specimens vs. distance is represented. This makes it possible to make a rough comparison
of their friction behavior, according to the processing conditions and thermal treatment employed.
Notwithstanding that the coefficient did not show significant differences among them, there was a
slight improvement in the friction coefficient in specimens fabricated in air. Furthermore, the tendency
of the friction coefficient in specimens cooled by RAC (TT1) suggested that this treatment produced
a reduction of the friction coefficient with respect to the specimens tested as-built (without thermal
treatment). Therefore, in some sense it might be said that this was a suitable treatment to decrease
the friction coefficient. Regarding the effect of the TT2 in the friction coefficient, there were no major
influences of such treatment in the friction coefficient, if specimens without treatment and specimens
after TT1 were compared.

In the context of the mechanical properties and the friction coefficients, while the TT1 was
considered a treatment that could cause embrittlement of the specimens, its effect promoted better
friction behavior, in particular in specimens produced under air. In specimens produced under argon
conditions, by contrast, a clear trend could not be appreciated easily.
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Figure 15. Friction coefficient vs. distance (m).

4. Discussion

In general, the processing atmosphere, air and argon, affected the final properties of the specimens;
however, such influence was lower than expected. The findings revealed minus differences among
specimens produced in air or argon conditions. This means that the processing in air could be feasible
and it could involve easier manufacturing of specimens at a minor cost.

During the manufacturing process, segregation of precipitates occurred in air or argon conditions
independently. The apparition of such precipitates rich in Mo could contribute to decreasing the
mechanical properties, especially elongation behavior. Moreover, the origin of porosity could contribute
to reducing the mechanical properties of the specimens. During the manufacturing, the crystallinity of
the alloy was affected as shown by the different XRD patterns. This phenomenon may also be related
to the friction coefficient, in addition to the brittleness of the specimens. The highest cooling rate
promoted the highest brittleness of the specimens; however, the friction behavior was better.
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Presumably, changes in the manufacturing process avoiding the segregation of the Mo rich
precipitates could enhance the mechanical properties of the Hastelloy C-22 specimens, since the thermal
treatments did not achieve this goal.

5. Conclusions

The findings obtained from this research were:

• Two walls from Hastelloy with large dimensions could be produced by plasma transferred arc in
air or argon conditions.

• The atmosphere during the additive process presented lower impact on the final behavior than
expected. The results of the thorough characterization of the specimens stated that their mechanical
properties, as built, achieved values close to the standard ones, independently of the atmospheric
conditions during the manufacturing.

• There was no effect of the thermal treatments in the final behavior of the specimens. The heat
treatments were insufficient to modify and to improve the mechanical properties.

• In general, there were observed Mo-rich precipitates in all the specimens caused by processing;
variations of the distribution of theses precipitates could be related to the mechanical
properties measured.
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Abstract: Additive manufacturing is a technology that enables the repair and coating of
high-added-value parts. In applications such as hot stamping, the thermal behavior of the material is
essential to ensure the proper operation of the manufactured part. Therefore, the effective thermal
diffusivity of the material needs to be evaluated. In the present work, the thermal diffusivity
of laser-deposited AISI H13 is measured experimentally using flash and lock-in thermography.
Because of the fast cooling rate that characterizes the additive process and the associated grain
refinement, the effective thermal diffusivity of the laser-deposited AISI H13 is approximately 15%
lower than the reference value of the cast AISI H13. Despite the directional nature of the process,
the laser-deposited material’s thermal diffusivity behavior is found to be isotropic. The paper also
presents a case study that illustrates the impact of considering the effective thermal conductivity of
the deposited material on the hot stamping process.

Keywords: DED; laser; additive manufacturing; thermal conductivity; thermal diffusivity; thermal
modeling; hot stamping; AISI H13

1. Introduction

Metal additive manufacturing (AM) technologies are gaining increasing attention from both
academia and industry because of the advantages they offer over conventional metal manufacturing
techniques. These AM technologies enable the manufacture of near net shape complex structures and
functionally graded components, which are impossible to fabricate through conventional methods.

In metal AM, an energy source (e.g., laser, electron beam, or plasma arc) irradiates and melts
the surface of the substrate while filler material is added, building three-dimensional functional
parts layer by layer. The advantages of using laser-based AM compared to conventional metallurgy
and subtractive manufacturing were listed by Yan et al. [1], including a finer grain size, a small
heat-affected zone, the possibility to process difficult-to-machine or refractory materials, as well as to
combine materials, among others. Regarding the mechanical properties, Attar et al. [2] performed
a comparative study of commercially pure titanium manufactured by laser-based AM processes and
obtained comparable or even better mechanical properties than cast material. Much research has been
devoted to deepening the understanding of laser-based metal AM by combining experimentation
and modeling. In such works, the full characterization of the manufactured parts in terms of both
mechanical and thermal properties is highly important.
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Numerous investigations have focused on the mechanical properties of AM parts. For instance,
Zhong et al. [3] presented an analysis of the mechanical properties and internal defects encountered
in AM Inconel 718. Zhang et al. [4] studied the microstructures that developed in different zones of
the substrate and deposited material, and Sun et al. [5] investigated the importance of stress-relieving
treatments of AM AISI 4340 steel.

In addition, several works have modeled laser-based AM processes and studied their heat transfer
characteristics. Roberts et al. [6] reported that the thermal conductivity value depends on factors such
as the porosity of the material. Many models of laser-based powder bed fusion have been proposed
to define the relationship between the thermal conductivities of powder-shaped and solid metals.
All authors agree that the effective thermal conductivity of loose metallic powder is defined by the gas
in the pores. Rombouts et al. [7] studied the effective thermal conductivity of the powder bed and
concluded that its value is almost independent of the material composition and depends mainly on the
size and morphology of the particles and the void fraction. Wei et al. [8] investigated five metal powders
for powder bed additive manufacturing (Inconel 718, 17-4 stainless steel, Inconel 625, Ti-6Al-4V and
AISI 316L) and concluded that the pressure and composition of the gas between the metallic particles
have a significant effect on the thermal conductivity of the powder. Cernuschi et al. [9] calculated the
thermal conductivity and density of the porous material using the Maxwell model.

Foteinopoulos et al. [10] reported an increase in the accuracy of the thermal model by assuming
that the material’s thermal properties, including thermal conductivity, are temperature dependent.
In the same direction, Li et al. [11] found that, by neglecting the temperature dependence of the material
properties, the size and volume of the melt pool were overpredicted. Although both Foteinopoulos et al.
and Li et al. have considered the thermal conductivity reduction in the metallic powder (where the
influence of the porosity is considered), once the material is melted, the tabulated value of the thermal
conductivity of the cast material is used.

To the best of our knowledge, none of the previously published works considered that the thermal
conductivity of AM parts may differ from that of the cast material. However, factors such as the
existence of pores and micro-cracks affect the effective thermal conductivity of the manufactured part.
Furthermore, the high cooling rate of laser processes (104–107 K·s−1), in comparison with the much
lower rate in casting (1–10 K·s−1), influences the grain size that develops. In fact, Zhang et al. [12]
reported that the grain size is much finer in parts produced by laser processes than that by casting,
thus impacting the effective thermal conductivity of the AM part.

Therefore, this paper presents a study of the effective thermal conductivity of laser-deposited AISI
H13 tool steel as a function of depth. In this work, the thermal diffusivity of the deposited material is
measured experimentally. The accuracy of the methods employed to measure this thermal property
enables the calculation of thermal conductivity from the diffusivity data. In addition, the impact of this
issue on industrial applications is illustrated by means of a case study of the hot stamping process.

Hot stamping, also known as press hardening, is a process in which an ultra-high-strength steel
blank is simultaneously formed and quenched. For this purpose, the blank is heated above the
austenitic temperature, approximately 950 ◦C, and cooled at rates above 27 K·s−1 to ensure a complete
martensitic phase transformation.

As stated by Shan et al. [13], the cooling of the blank consumes almost 30% of the total cycle time
required to form and quench the material. According to Chen et al. [14], one approach to reducing the
cycle time is to increase the thermal conductivity of the hot stamping tools, because it ensures quick
heat transfer between the tools and the stamped part. In this direction, Directed Energy Deposition
(DED) has arisen as an alternative to enhance the cooling performance of the tools. On the one hand,
DED enables the manufacture of conformal cooling channels that can follow the surface of the tools,
therefore avoiding hot spots. On the other hand, DED allows the combination of different materials to
produce bimetallic tools. Materials with high thermal conductivity are used in the core of the tools,
and high-resistance tool steel is used as a coating to withstand the high pressures and temperatures
that are reached in the hot stamping process.

34



Metals 2020, 10, 154

In the cooling stage of the hot stamping process, the thermal conductivity of the hot stamping tools
is an important factor in the prediction of the temperature distribution within the blank and the cooling
rate. This fact was highlighted by Karbasian and Tekkaya [15]. Different software programs have
been developed to model the hot stamping process, such as LS-DYNA, Auto-Form, and PamStamp;
however, all of these require the material data as inputs. Therefore, if DED-manufactured tools are to
be used in hot stamping, their effective thermal properties must be known. Hence, defining the thermal
conductivity of the DED-manufactured material is essential for determining the cooling capability of
the tools. Many authors have developed diverse models of different additive manufacturing processes.
Denlinger et al. [16] developed a thermomechanical model of electron beam deposition aimed at
large parts, while Mukherjee et al. [17] studied the mitigation of thermal distortion during AM using
a numerical heat transfer and fluid flow model. Peyre et al. [18] developed an analytical and numerical
model of laser-aided DED, and Shi et al. [19] proposed a three-dimensional finite element model to
investigate the effects of laser processing parameters on the thermal behavior and melting/solidification
mechanism during selective laser melting. Regardless of the modeled process, all of them consider
that properties such as thermal conductivity and specific heat are temperature dependent. However,
all of them consider the thermal conductivity of only the cast material, neglecting possible variations
caused by the manufacturing process to which the tool material has been subjected. This omission
motivated the selection of the hot stamping process as the case study presented here.

2. Materials and Methods

2.1. DED Tests

The DED experiments were performed on a 5-axis laser-processing machine, with a work-piece
size capacity of 700 × 360 × 380 mm3. A high-power Yb:YAG fiber laser, Rofin FL010 (ROFIN-SINAR
Laser GmbH, Bergkirchen, Germany), with a maximum power output of 1 kW was employed.
In addition, the powder was fed by means of a Sulzer Metco Twin 10 C powder feeder (Oerlikon Metco,
Pfäffikon, Switzerland), and an in-house designed coaxial nozzle [20], using argon as both the drag
and shielding gasses.

In the experimental tests, AISI 1045 (DIN 1.1191) and AISI H13 (DIN 1.2344) were used as the
base and filler materials, respectively. AISI 1045 is a medium carbon steel commonly used in structural
parts requiring high strength and hardness. AISI H13 is a Cr-Mo-V alloyed tool steel with a high
level of resistance to thermal shock and fatigue and good temperature strength, which makes this
material particularly valuable for tooling. The filler material was supplied by Flame Spray Technologies
(Duiven, The Netherlands) and obtained via gas atomization, consisting of spherical particles with
diameters of 53–150 μm. The chemical compositions of the employed materials are detailed in Table 1.

Table 1. Chemical compositions (wt %) of AISI 1045 [21] and AISI H13 [22].

Material C Si Mn Cr Mo V Fe

AISI 1045 0.45 0.24 0.8 0.16 - 0.02 Balance
AISI H13 0.41 0.80 0.25 5.12 1.33 1.13 Balance

First, two specimens of 50 × 50 × 7 mm3 and 50 × 50 × 5 mm3, respectively, were manufactured
by adding AISI H13 over an AISI 1045 substrate via DED, employing the process parameters detailed
in Table 2. A zigzag pattern was used to deposit the filler material, alternating longitudinal and
transversal directions for the deposition of successive layers, as shown in Figure 1a. This strategy
reduces the anisotropic behavior inherent to the DED process and allows the manufacture of larger parts,
which enables the transfer of the results obtained to real components. Figure 1b shows a photograph
of the manufactured specimens.
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Table 2. Process parameters employed for the deposition of AISI H13.

Process Parameters Value

Continuous-wave laser power (W) 600
Feed rate (mm·min−1) 450

Track offset (mm) 1
Overlap (%) 50

Powder flow rate (g·min−1) 3.3
Shielding gas flow rate (L·min−1) 14

 
Figure 1. Schematic of the Directed Energy Deposition (DED) process (a) and (b) photograph of the
manufactured AISI H13 specimens.

2.2. Thermal Diffusivity Measurement

To perform thermal diffusivity measurements, three slabs, each 2 mm thick, were extracted from
the deposited material at different depths, as shown in Figure 2. From the 7-mm-thick specimen,
two plates were cut: (a) the inner plate, Sample 1, contained the deepest and earliest deposition (0 to
2 mm from the substrate); (b) the outer plate, Sample 2, contained the outermost side of the coating
(4 to 6 mm from the substrate). Sample 3 was extracted from the specimen with a 3.5 mm deposition
thickness, and the sample spanned the interface between the filler and substrate, from −1 to 1 mm
with respect to the interface, to evaluate the influence of the DED process on the substrate. Moreover,
for comparison, a 2-mm-thick plate made of cast AISI H13 was also prepared. All samples were
extracted by means of wire electrical discharge machining, and the white layer generated on the cut
surfaces was ground to eliminate the heat-affected region.

Figure 2. Sample extraction for thermal diffusivity measurements.
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For each plate, the thermal diffusivities were measured at room temperature in two perpendicular
directions: along the surface, the so-called in-plane thermal diffusivity (α‖), and in the direction
perpendicular to the surface, the so-called through-thickness thermal diffusivity (α⊥).

To measure α⊥, a flash method was used, which was developed by Parker et al. [23]. In this
technique, the front surface of the plate was illuminated homogeneously by the brief pulse of a flash
lamp (3 kJ energy pulse, 3 ms duration) while the temperature evolution of the back-surface was
recorded by a mid-infrared video camera (3–5 μm wavelength) operating at a rate of 950 frames·s−1.
The thermal diffusivity was obtained by measuring the time required to reach half of the maximum
temperature rise (t1/2), which was related to the thermal diffusivity through Equation (1), where L is
the plate thickness:

t1/2 = 0.1388
L2

α⊥
. (1)

In order to enhance both the absorption to the flashlight and the infrared emissivity, the sample
surfaces were covered by a very thin graphite layer (≈3 μm thick). According to Maillet et al. [24],
the influence of this layer on the accuracy of the thermal diffusivity values is less than 1% provided the
sample is much thicker than the graphite layer (in the present case, 2 mm against 6 μm).

To measure α‖, a lock-in thermography setup with laser spot excitation was used, which was first
used by Heath and Winfree [25] and enables measurements of the thermal diffusivities of the materials
with high accuracy. This technology has been widely used for similar applications, for example,
Nolte et al. [26] determined the thermal diffusivity of sheets of brass, stainless, and structural steel.
The sample is illuminated by an intensity-modulated laser beam, tightly focused on the surface, and the
oscillating component of the temperature rise is detected by an infrared video camera connected
to a lock-in module. By analyzing the radial dependence of the temperature phase, the in-plane
thermal diffusivity can be retrieved with ease, based on the linear relationship between the phase of the
temperature and the lateral distance to the heating spot, the slope of which (m) is given by Equation (2),
where f is the modulation frequency:

m = −
√
π× f
α‖

. (2)

2.3. Thermal Modeling of the Tool Cooling

In order to quantify the influence of the effective thermal conductivity of the laser-deposited AISI
H13 on a bimetallic hot stamping tool, two different cases were simulated using the same geometry,
shown in Figure 3. The aim of the simulation was to quantify the impact of considering the real DED
AISI H13 thermal conductivity or the data from the bibliography. Therefore, no optimization of the
geometry of the cooling channels was performed and the cooling channels’ position and geometry were
maintained. The geometry has a 300 × 170 × 150 mm3 bounding box and the cooling channels have
an 8 mm diameter and are positioned at a 12 mm distance from the contact face with the blank. The tool
has an AISI 1045 core, which was coated with a 3-mm-thick DED AISI H13. In Case 1, the thermal
conductivity value of the cast AISI H13 was used as a reference, whereas in Case 2, the effective thermal
conductivity value of the deposited AISI H13 was considered. In both cases, the stamped blank was
made of USIBOR 1500 steel (22MnB5), a boron alloyed steel that is well-suited for the entire range of
automotive structural parts, which require high resistance to anti-intrusion during impact.
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Figure 3. Simulated geometry of the bimetallic hot stamping tool.

The simulation was carried out using the thermal transient module of the FEM software ANSYS
Workbench 19.2 (Ansys Inc., Canonsburg, PA, U.S.). The employed mesh consists of over 1 million
first-order tetrahedral elements, with an average skewness of 0.246 and a maximum of 0.846. The initial
temperature of the tools, as well as the reference temperature for the water-cooling convection, was set
at 20 ◦C, whereas the temperature of the blank after the loading operation was 810 ◦C [27]. The blank
was 1.85 mm thick, which is a typical thickness for an automotive sheet metal structural body part [28].
The geometric parameters of the tools are detailed in Table 3, and the thermal properties of the
employed materials are shown in Table 4. The model simulated a 20 s cooling time, which is a typical
value for hot stamping already used by other authors [27,29].

Table 3. Geometric parameters of the simulated tools.

Parameter Cases 1 and 2

Diameter of the cooling ducts 8 mm
Length of the cooling ducts 170–280 mm

Distance between cooling ducts 15–20 mm
Distance from cooling duct center to surface 12 mm

Number of ducts in the upper/lower tools 12/10
Coating thickness 3 mm

Table 4. Thermal properties of AISI H13, AISI 1045, and USIBOR 1500, data obtained from [21,22,30].

Material Thermal Properties
Temperature (◦C)

20 200 400 600 800 1000

AISI H13
Specific heat (J·kg−1·K−1) 461 475 519 592 - -

Thermal conductivity (W·m−1·K−1) 24.9 27.4 29.1 28.5 - -

AISI 1045
Specific heat (J·kg−1·K−1) 475 495 565 700 - -

Thermal conductivity (W·m−1·K−1) 47.6 40.4 36.2 32.0 - -

USIBOR® 1500
Specific heat (J·kg−1·K−1) 444 520 561 581 590 603

Thermal conductivity (W·m−1·K−1) 30.7 30.0 21.7 23.6 25.6 27.6

The tools are cooled by the convection of the water that is forced through the cooling channels,
a parameter referred to as the convective heat transfer coefficient (CHTC). For cooling channels
manufactured via drilling, Coldwell et al. measured the inner roughness between 0.14 and 0.48 μm [31].
Thus, an intermediate Ra value of 0.31 μm was considered in the present case. According to Arrizubieta
et al. [32], for mechanically drilled 8-mm-diameter ducts with a 0.31 μm Ra value and a 20 ◦C cooling
water, the CHTC is 4736.7 W·m−2·K−1.

The heat transfer between the hot blank and the tools needs to be established as an input parameter
in the model. This parameter is referred to as the interfacial heat transfer coefficient (IHTC). In the
present study, the correlation proposed by Hu et al. [33] was taken as a reference. Considering a 15 MPa
contact pressure, a value which was already considered by Cortina et al. [34], the IHTC was estimated
to be approximately 3000 W·m−2·K−1, based on the aforementioned approximation.
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To compare the cooling performance of the tools using either the effective thermal conductivity
of DED AISI H13 or the reference thermal conductivity, the time point at which the martensitic
transformation was complete (280 ◦C) was calculated. In addition, the time at which the blank was
cooled to below 70 ◦C was determined to define the total cycle time before the tools were opened.

3. Results and Discussion

3.1. Quality of the Deposited Material

Defects such as pores and cracks generate discontinuities within the material, lowering its density
and possibly decreasing thermal conductivity. Therefore, the quality of the deposited material must be
analyzed to evaluate defects and their impact on thermal properties. Therefore, three details of the
cross-section of the DED AISI H13 were evaluated. The cross-sections were polished and etched using
Murakami and Marble reagents. The samples are shown in Figure 4.

Figure 4. Cross-section of the DED AISI H13 and details of the microstructure.

As can be seen from the figure, clads free of cracks were attained, and this microstructure would
be expected to ensure the continuity of the heat transfer within the deposited material. In addition,
no defects were found at the interface between the DED AISI H13 and substrate AISI 1045 materials.

3.2. Effective Thermal Diffusivity and Conductivity Values

The results of the measurements of the through-thickness thermal diffusivity, α⊥, are summarized
in the third column of Table 5. The statistical uncertainty was obtained by repeating each measurement
five times and the uncertainty was thus found to be less than 3%.

Table 5. Thermal diffusivity results.

Sample
Distance from the

Interface (mm)
α⊥ (mm2·s−1) α‖ (mm2·s−1) Material

1 0 5.72 ± 0.15 5.66 ± 0.16 DED AISI H13
1 2 5.72 ± 0.17 5.88 ± 0.17 DED AISI H13
2 4 6.03 ± 0.16 6.10 ± 0.18 DED AISI H13
2 6 6.03 ± 0.18 6.02 ± 0.17 DED AISI H13
3 −1 - 12.5 ± 0.4 Base AISI 1045
3 1 - 5.73 ± 0.16 DED AISI H13

Reference - 6.75 ± 0.20 6.42 ± 0.19 Cast AISI H13
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As shown in the table, the thermal diffusivity of the laser-deposited AISI H13 was always smaller
than that of the cast sample. The thermal diffusivity of each plate was measured in two directions, i.e.,
from both the front (illuminated) surface and the rear (measured) surface, and the thermal diffusivities
thus retrieved were the same. This homogeneity is obtained because the flash method measures the
effective (or average) α⊥. Because Sample 3 included two different materials, α⊥ was not measured in
that sample.

As for the in-plane thermal diffusivity measurements, α‖, Figure 5 shows the amplitude and phase
thermograms of Sample 1, at the surface 0 mm from the substrate, with f = 7 Hz. For each specimen,
the thermal diffusivity on both sides was measured. The round shape of the isophases and isotherms in
Figure 5 is representative of all the cases analyzed and indicates in-plane thermal isotropy. The in-plane
thermal diffusivity was obtained considering the vertical profiles of the phase thermograms (the white
vertical line in Figure 5b) since they are free from diffraction effects, like those observed in the horizontal
profile in Figure 5b. From the slope of the vertical phase profile, the in-plane thermal diffusivity was
obtained, using Equation (2). In order to average local heterogeneities, the measurement was repeated
at five different zones at the sample surface. The thermal diffusivities obtained using this method
together with the uncertainty (≈3%) are summarized in the fourth column of Table 5. The uncertainty
takes into account the standard deviation in the slope of the phase profile and the standard deviation
of the five repetitions.

Figure 5. (a) Amplitude and (b) phase thermograms of Sample 1 at the surface 0 mm from the substrate,
with a modulation frequency of 7 Hz. The white vertical line corresponds to the phase profile used for
thermal diffusivity measurements. The scale of the amplitude is in ◦C and the phase is in degrees.

Although the thermal diffusivity of each surface increased with the surface’s height above the
substrate, at all heights, the thermal diffusivity of the sample remained below the diffusivity of the
reference cast material. Comparing the values of α⊥ and α‖, the DED process did not introduce any
thermal anisotropy.

Thermal diffusivity, α, and conductivity, k, are related to Equation (3), where ρ and cp are the
density and specific heat of the material, respectively:

α =
k

ρ× cp
. (3)

Equation (3) was used to calculate the thermal conductivity of DED AISI H13, cast AISI H13,
and AISI 1045, and the results are shown in Table 6. The perpendicular thermal diffusivity values
shown in Table 5 were used because the flash technique is generally acknowledged to be the most
reliable method and is covered by standards, such as ASTM International [35], the British Standards
Institution [36], and the Japanese Standards Association [37]. The density and specific heat were taken
from the material specifications. In the case of DED AISI H13, the heat capacity was calculated using
the rule of mixtures given in Equation (4) and considering this material as a mixture of AISI H13
and air. (

ρ× cp
)
DED AISI H13

= υ1 ×
(
ρ× cp

)
cast AISI H13

+ υ2 ×
(
ρ× cp

)
air

. (4)
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Table 6. Thermal conductivities.

Material
Measured Thermal

Diffusivity (mm2·s−1)

Effective Thermal
Conductivity
(W·m−1·K−1)

Reference Value from
Bibliography
(W·m−1·K−1)

DED AISI H13 (Sample 1) 5.72 20.7 24.9 [22]
Cast AISI H13 6.75 24.4
Base AISI 1045 12.5 46.7 47.6 [21]

In Equation (4), υ1 and υ2 are the volume fractions of cast AISI H13 and air, respectively. Because υ1

> 0.995, the same heat capacity was used for the cast reference and DED AISI H13. This result is
consistent with the fact that the heat capacity, unlike the thermal transport properties (α and k),
depends only on the composition of the sample, not the microstructure. Therefore, because the DED
process does not affect the sample composition, the same heat capacity is expected for AISI H13
regardless of the production process.

In the cast AISI H13 and the base AISI 1045, the measured effective thermal diffusivities
presented almost no differences compared to the reference values encountered in the literature [21,22],
demonstrating the accuracy of the measurements acquired in this study. In the case of DED AISI
H13, the effective thermal conductivity was 15.3% lower than that of cast AISI H13. This is because
the thermal conductivity of alloys depends not only on the sample composition but also on the
microstructure (grain size, micro-cracks, pores, etc.). Because the micrographs shown in Figure 4
do not indicate the presence of cracks or pores, the thermal conductivity reduction was attributed
primarily to the smaller sizes of the grains produced by the fast cooling rate in DED in comparison
with conventional manufacturing processes. According to Berman [38], the larger number of interfaces
compared to the cast material reduces the electron mean free path and consequently the thermal
conductivity. This effect is especially noticeable in the first layers, where the cooling rate is maximum
and therefore, the microstructure is finer. As the number of deposited layers increases, the heat
dissipation is slowed down, which leads to slower cooling rates and coarser grain sizes. Consequently,
the thermal conductivity variation within the deposited material is attributed to the differences in the
grain size, thus leading to lower values in the first deposited layers.

Focusing on the variation of thermal conductivity in relation to temperature, Zhang et al. [39]
studied the thermal conductivity change of multi-stacked silicon steel sheets under different pressure
and temperature conditions. Their results showed that although the thermal conductivity changed
under different compressive stresses, the conductivity maintained the same rate of variation in response
to temperature change. Therefore, in this study, the thermal conductivity reduction measured at 20 ◦C
was assumed to affect the material in proportion to the temperature, and this result was extended to
the whole temperature range, as shown in Table 7, and applied to the case study model described in
the next section.

Table 7. Effective thermal conductivity of the DED AIS H13 considered in the thermal model.

Material Thermal Properties
Temperature (◦C)

20 200 400 600 800 1000

DED AISI H13
Specific heat (J·kg−1·K−1) 461 475 519 592 592 592

Thermal conductivity (W·m−1·K−1) 20.7 22.8 24.2 23.7 23.7 23.7

3.3. Thermal Modeling and Cycle-Time Reduction

The influence of the thermal conductivity differences between the cast and DED AISI H13 tool
steels was evaluated by means of thermal simulation of the upper part of an automotive structural
body part with a B-pillar type geometry.

Based on the effective thermal conductivity of the laser-deposited AISI H13 tool steel, the cycle
times required to lower the blank temperature below 280 and 70 ◦C were calculated, respectively.
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Figure 6 shows the evolution of the maximum temperature of the blank. The lower thermal conductivity
of the laser-deposited AISI H13 can be seen to reduce heat extraction from the blank, and this case
thus requires a longer cooling time to achieve an equivalent thermal field. Table 8 presents the results
of the simulated case study, as well as the error produced if the effective thermal conductivity of the
laser-deposited AISI H13 is not considered in the model.

Figure 6. Blank maximum temperature evolution during the hot stamping process.

Table 8. Results of the simulated case study.

Blank Maximum
Temperature

Time Point (s)

Reference AISI
H13

DED AISI H13 Difference (%)

280 ◦C 5.50 5.59 1.64
70 ◦C 12.10 12.89 6.53

The errors generated when calculating the thermal fields were relatively low in comparison
with the differences in thermal conductivity values. This is because the coating thickness was only
3 mm, and such low thickness values are commonly employed in bimetallic tools. Nevertheless,
if fully DED-manufactured structures are employed, much higher errors could be generated in the
simulation. Figure 7 shows the thermal field of the blank at 12.89 s in the case where the effective
thermal conductivity of the DED AISI H13 coating is considered.

Figure 7. Temperature field of the blank at 12.89 s time instant, considering the effective thermal
conductivity of the DED AISI H13 coating.
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4. Conclusions

This work investigated the effective thermal diffusivity of laser-deposited AISI H13 tool steel,
and the following conclusions were drawn:

(1) The effective thermal diffusivity of the laser-deposited AISI H13 tool steel is lower than that
of the reference value of the cast material, which is critical for applications where the heat transfer is
a key parameter.

(2) Despite the directional nature of the DED process, the resulting thermal properties presented
no anisotropy and heat was conducted equally in all directions.

(3) Various cross-sections of the laser-deposited AISI H13 tool steel were studied and no porosity
was found. Therefore, the thermal diffusivity reduction could not be attributed to the existence of
internal voids. The reduction of the effective thermal diffusivity was due to the microstructure that
developed during the fast cooling of the deposited material, in which the fine grain size reduced the
heat transfer through the material.

(4) The microstructure that developed within the deposited material was directly related to the
cooling rate, which was higher at the beginning of the DED process. This is why the effective thermal
diffusivity of Sample 1 (situated at 0–2 mm from the interface) was lower than that of Sample 2 (at
4–6 mm from the interface).

(5) The effect of the DED process on the substrate was minimal and did not affect the thermal
diffusivity of the base material.

(6) If the effective thermal conductivity is not considered the cooling capability of the
DED-manufactured tools is overestimated.

This work extends current knowledge on the thermal properties of DED materials, and the thermal
diffusivity and conductivity differences encountered may also affect other AM processes. Therefore,
further research is necessary to fully characterize AM parts.
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Abstract: The manufacturing of titanium airframe parts involves significant machining and low
buy-to-fly ratios. Production costs could be greatly reduced by the combination of an additive
manufacturing (AM) process followed by a finishing machining operation. Among the different AM
alternatives, wire arc additive manufacturing (WAAM) offers deposition rates of kg/h and could
be the key for the production of parts of several meters economically. In this study, the influence
of the manufacturing process of Ti6Al4V alloy on both its material properties and machinability is
investigated. First, the mechanical properties of a workpiece obtained by WAAM were compared
to those in a conventional laminated plate. Then, drilling tests were carried out in both materials.
The results showed that WAAM leads to a higher hardness than laminated Ti6Al4V and satisfies
the requirements of the standard in terms of mechanical properties. As a consequence, higher
cutting forces, shorter chips, and lower burr height were observed for the workpieces produced
by AM. Furthermore, a metallographic analysis of the chip cross-sectional area also showed that a
serrated chip formation is also present during drilling of Ti6Al4V produced by WAAM. The gathered
information can be used to improve the competitiveness of the manufacturing of aircraft structures in
terms of production time and cost.

Keywords: WAAM; titanium; mechanical properties; drilling; chip geometry; cutting forces;
hole quality

1. Introduction

The additive manufacturing market (AM) applied to the aerospace sector has experienced a big
increase in the last decade. According to the report carried out by Wohlers Associates, the worldwide
revenue from AM related services reached 6 billion dollars in 2016 and the forecast is to get to 21
billion by 2020 [1]. In fact, the first titanium 3D-printed part of the Airbus A350 XWB entered serial
production after the approval of the European Union Aviation Safety Agency (EASA) in late 2017.

The most extended AM technologies (such as laser melting deposition (LMD) and selective laser
melting (SLM)) are based on the fusion a metallic powder using a laser or an electron beam as a heating
source. These processes can reach good dimensional accuracy, but the part size is limited by the low
deposition rate (0.12–0.6 kg/h) [2]. To produce airframe parts of several meters economically, deposition
rates of kilograms per hour are needed and this can be obtained by wire arc additive manufacturing
(WAAM) [3].

WAAM uses a solid wire as the feedstock material and an electric arc as the heat source. Several
research works have dealt with the fundamental aspects of the process such as the final material
microstructure and its mechanical properties [4–7]. In this regard, the review recently presented
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by Rodrigues et al. [8] provides an overview of the different process variants and the materials for
WAAM. Moreover, it also deals with the effect of the post-processing treatments in the final mechanical
properties as well as with non-destructive testing.

Among the different workpiece materials, titanium-based alloys are being increasingly tested in
WAAM owing to their adoption by the aerospace industry for airframe manufacturing. For example, Ti
alloys represent 15% of the weight of the Boeing 787 [9]. The microstructure and mechanical properties
of Ti6Al4V alloy parts made by WAAM were investigated by Wang et al. [6]. Microstructural banding
was observed, and it was related to the repeated thermal cycles that occur during the layer by layer
growth of the workpiece. Regarding mechanical properties, the yield and ultimate tensile strengths
were found to be lower in the WAAM part than in that produced by forging. However, similar ductility
values were observed, and the mean fatigue life was significantly higher in the workpiece produced
by WAAM. In a recent study, Ho et al. [4] investigated in great detail the microstructure banding
found in this alloy using both multiscale compositional and automated image mapping tools. This
approach provided evidence of weak micro-segregation during solidification and explained the origin
of such microstructure.

The main disadvantages of WAAM, when compared with other AM processes, are the reduced
dimensional accuracy and poor surface finish [10,11]. Therefore, a machining operation is mandatory
to achieve the functional requirements. During the assembly of an airframe, for example, a large
number of holes are machined, and the control of the drilling operation becomes crucial.

Drilling of titanium is one of the most complex processes in the production of aircraft structures. Ti
alloys have been reported as difficult to cut materials owing to their particular physical properties [12–14].
On the one hand, their low thermal conductivity (about 15 W/m K versus 270 W/m K for the steel
CRS1018 at 700 ◦C) [15] leads to high temperatures in the cutting zone. However, they maintain their
high mechanical strength and abrasiveness at such temperatures, resulting in high forces and fast tool
wear. On the other hand, the chemical affinity with tool materials leads to a fast titanium adhesion to
the cutting tool. The resulting built up edge (BUE) or chipping of the cutting edges often lead to poor
surface finish of the inner surface of the hole (and, in the worst scenario, to premature failure of the
cutting tool) [13].

The selection of the most appropriate cutting parameters (feed and cutting speed) is of vital
importance for the success of the process. Previous studies have thoroughly analysed the effect of
cutting parameter variation in the cutting forces and the resulting hole quality. Sharif et al. [14],
for example, evaluated the performance of both uncoated and coated tungsten carbide drills at
various cutting speeds. They observed that the average surface roughness value (Ra) decreased by
approximately 20% by doubling the cutting speed. They also reported that uncoated drills are not
suitable for cutting speeds over 25 m/min owing to their fast wear. In another study, Le Coz et al. [12]
carried out a comprehensive study to test the effect of the variation of both the feed and cutting speed
in the cutting forces. They observed an increase of a 60% in the cutting torque when the feed per
revolution was increased in the same extent. This rise of cutting forces can be explained by the direct
relationship between the feed and the cross-sectional area of the undeformed chip. The evolution of
cutting forces was also investigated in the work of [14]. In this case, lower torque values were observed
when increasing the cutting speed; this result was attributed to the reduction of the material hardness
as the temperature increased.

The overall quality of the machined hole is also of great importance for the correct behaviour
of the mechanical joint. Burr formation and poor geometrical quality, for example, can result in a
reduction of fatigue life. Additional deburring or reaming operations are needed for the correction
of such defects, and they generally imply a high cost [16]. Burr formation is dependent on various
aspects such as tool geometry and material, workpiece material properties, and the selected machining
parameters (among others) [17]. Apart from this defect, geometrical imperfection (such as irregular
hole diameter) is also of critical concern. When drilling Ti alloys, the machined holes may shrink or
expand depending on the cutting environment. Oversized holes are often obtained in dry cutting
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owing to the thermal expansion resulting from the high cutting temperatures. The influences of feed
and cutting speed variation on hole diameter are complicated to study owing to their interacting
effects [18]. Elastic recovery of compressive strain produced by thrust force may decrease the hole size.
However, material expansion at high temperatures can lead to a hole larger than expected.

Despite extensive research work in Ti drilling, there are few works that have studied the machining
of parts produced by AM. Priarone et al. [19] investigated the machinability of a gamma titanium
aluminide obtained via the electron beam melting (EBM) process. In this work, drilling performance
was measured in terms of surface roughness, dimensional errors, and tool wear. The experimental
results showed a decrease of surface roughness when feed was decreased, as well as when the cutting
speed increased. Hole quality also showed a dependence on the cutting parameters and tool wear level.

Even if WAAM could be a viable alternative to manufacturing aerostructure components, there
is a lack of an experimental investigation on the drilling of titanium parts produced by this AM
process. This work aims to reveal the influence of material properties by comparing the machining of
commercial laminated plates to those produced by WAAM. In particular, the resulting chip morphology,
cutting forces, and overall hole quality are analysed. For a deeper understanding of the cutting process,
workpiece microstructure and mechanical properties are also studied. The novelty of this paper
lies in the study of WAAM additive technology for the production of Ti6Al4V aeronautical titanium
alloy parts and in experimentally addressing the drilling operation, as it is one of the most recurring
machining operations in this type of applications.

2. Materials and Methods

2.1. WAAM Deposition Process and Material Analysis

Linear wall parts were produced using an Addilan V0.1 wire arc additive manufacturing machine
(Durango, Spain) and plasma arc welding (PAW) as addition technology with compressed argon as a
pilot gas to prevent oxidation and porosity. This machine has a closed loop control system and an inert
chamber to work under controlled Argon atmosphere to protect the melt pool when using reactive
materials like titanium or aluminum, and can reach deposition rates up to 6 kg/h.

The experiments were carried out on a Ti6Al4V annealed base plate (AMS 4911 according to
the AMS4928 standard), which had a dimensions of 220 mm × 70 mm × 12 mm. Prior to welding,
the substrate surface was cleaned with acetone to remove any organic contaminants. A 1.14 mm
diameter Ti6Al4V solid wire electrode (AWS A5.16-13 ERTI-5) was used for deposition and the chemical
compositions of both the substrate and the wire are shown in Table 1.

Table 1. Nominal composition of welding wire and substrate.

Material
Chemical Composition (wt %)

Al V Fe O C N H Other Ti

Wire 5.5–6.75 3.5–4.5 0.22 0.12–0.2 <0.05 <0.03 <0.015 <0.4 Bal.

Substrate 5.5–6.75 3.5–4.5 <0.3 <0.2 <0.08 <0.05 <0.015 <0.4 Bal.

The same deposition sequence was used for all the parts. First, the walls were obtained using a
deposition rate of 2 kg/h and following the strategy shown Figure 1b. The pre-heating and inter-pass
temperatures on the top layer were of 600 ◦C. Table 2 shows the welding parameters used for the
sample processing. Finally, after the deposition was completed, the parts were stress relief treated by
keeping them in a furnace at a temperature of 720 ◦C for 2.5 h.
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Figure 1. (a) ADDILAN V0.1 wire arc additive manufacturing (WAAM) ([20]) and (b) schematic process
sequence for wall manufacturing.

Table 2. Welding parameters used for sample deposition with wire arc additive manufacturing
(WAAM).

Parameter Unit Value

Torch Velocity mm/min 400

Wire feed m/min 6.7

Arc Energy J/mm 1.125

Gas Pilot l/min 1.2

Shielding Gas l/min 12

Inter-bead Temperature ◦C 600

Nominal wall dimension (LxWXH) mm 210 × 15 × 105

The determination of mechanical properties of the additively manufactured parts was obtained
by tensile testing according to EN ISO 6892-1 standards. More specifically, the end start sections of the
thin-walled structures were discarded and the samples for the tensile tests were prepared as shown in
Figure 2. The tests were carried out at room temperature and with a speed of 1 mm/min, according
ISO 6892-2, less than 5 Mpa/s in the elastic region. The chemical composition of the walls was also
evaluated after the deposition process by infrared spectroscopy (IR spectrometry) for carbon C, oxygen
O, and hydrogen H; thermal conductivity analysis for nitrate N; and optical emission spectroscopy
(OES) for iron Fe, vanadium V, and aluminum Al.

Moreover, metallographic preparation was performed on samples sectioned along the XZ, XY,
and YZ planes of the workpiece (see Figure 4), which were hot-mounted in a phenolic resin powder.
Afterwards, they were subsequently polished using a series of abrasive grinding papers with decreasing
coarseness from 1200 grit, followed by a final diamond suspension polishing. Finally, the samples
were etched in Kroll’s reagent and optical images of the microstructure were obtained. Micro-hardness
tests were also conducted in two samples of the walls produced by the WAAM process and in the
laminated material used as reference for the machining tests. In order to carry out the measurements,
an EMCOTEST DuraScan G5 (Kuchl, Austria) microhardness tester with a 10-kgf (98 N) load was used
according to ISO 6507 procedures.
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Figure 2. Dimensions of the samples for tensile tests in mm, Rz in μm, (a) and schematic representation
of the location of the extracted samples (b).

2.2. Experimental Setup for Drilling Tests

The drilling trials were performed on a five-axis computer numerical control (CNC) machining
center Ibarmia 5-axis ZV 65/U600 EXTREME (Azkoitia, Spain) and in collaboration with KENDU tools
(Segura, Spain). WAAM specimens were rigidly clamped to the machine bed and the bottom and top
faces were milled to produce a smooth surface for the final drilling operation. Figure 3 shows one of the
parts after the WAAM process, during the milling operation and it final state before the drilling tests.

Figure 3. Additively manufactured part sample after the deposition process (a). Milling operation (b),
part sample after milling process (c).

The drilling trials (Figure 4a) were performed using an uncoated ISO K30 KENDU tungsten
carbide (WC) drill with diameter of 7.5 mm, a point angle of 140 mm, and a helix angle of 30◦. An
overall view of the tools is shown in Figure 4b. Two sets of experiments were carried out in order
to investigate the influence of the feed and cutting speed, respectively. The levels of machining
parameters selected were based on the recommendations of the tool supplier and are detailed in Table 3.
A peck drilling strategy and minimum quantity lubrication (MQL) cooling were used to enhance chip
evacuation and to reduce cutting temperature. In order to study the dispersion of the process, three
repetitions were carried out with the same drilling parameters. Furthermore, the holes were arranged
in a grid pattern and were randomly located to consider sample variability.

As previously mentioned, one objective of this work is to compare the performance of the drilling
process of WAAM parts to those produced by conventional methods. Thus, these drilling tests were
repeated in a conventional titanium plate.
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Figure 4. (a) General arrangement of the equipment used for the drilling tests. (b) Front and side view
of the used tools.

Table 3. Cutting conditions for the drilling experiments.

Parameter Level -1 Level 0 Level 1

Cutting speed (m/min) 10 20 30

Feed rate (mm/rev) 0.05 0.075 0.1

During the drilling tests, thrust force and cutting torque were registered using a sensory SPIKE®

toolholder (Pro-micron GmbH, Kaufbeuren, Germany) wirelessly connected to a PROMICRON READ
acquisition system. Afterwards, cutting force signals were treated using the software MATLAB v2018a
(Matworks, Massachusetts, Estados Unidos). As an example, Figure 5 shows the evolution of the thrust
force for one peck drilling cycle in which three different stages can be identified. The first one (a–b) is
related to the que tool entrance in the workpiece. In the second one (b–c), the cutting edge is fully
engaged in titanium leading to a steady drilling process. Finally, the exit of the drill is produced at
the last stage (c–d). The mean value of the steady drilling process stage (b–c) was considered for the
comparison of the different drilling conditions and workpiece materials.

Figure 5. Thrust force evolution over time for a peck-drilling cycle.

After the drilling tests, hole quality was investigated by evaluating the diameter of the holes, their
surface roughness, and the burr height at the hole exit. Hole diameter was measured at 6 mm from
the tool entrance (i.e., the center of the inner surface) using a three-point internal digital micrometer
(Mitutoyo Borematic® (Kawasaki, Japan) accuracy = 0.001 mm). Surface roughness was evaluated at
the same hole depth using a Taylor Hobson Surtronik S100-series tester (Leicester, England) and the
following filter values: λs = 2.5 μm and λc = 0.8 mm. Assessment of burr height was performed using

52



Metals 2020, 10, 24

a Leica DCM 3D confocal microscope (Wetzlar, Germany) at four equally-spaced positions around the
hole periphery with an average calculation of the obtained data for each hole. Moreover, the overall
chip geometry was also evaluated following the procedure proposed by Zhu et al. [21].

3. Results and Discussion

3.1. Mechanical Properties and Workpiece Microstructure Characterization

In this section, the mechanical properties of the added material are analyzed in terms of the
following: titanium alloy metallographic structure, mechanical results derived from the tensile test,
hardness, and chemical composition of the material.

Figure 6 top left shows the titanium wall manufactured by means of WAAM technology from
which the specimens were extracted, and grains’ structure was observed. Macrographic pictures
clearly show the interleaves of the deposition process of the different beads as diffusion occurs between
passes. The microstructure of the wall at different heights is shown, with the grain border and the
dendritic structure derived from phases in which the temperature undergoes an abrupt decrease from
the melting temperature necessary for the different welds production. Owing to the influences of
thermal gradient and solidification rate, the acicular α interwoven with a basket-weave structure and
martensite α’ the β matrix were generated.

Figure 6. Grain structure of the wall manufactured by plasma arc welding (PAW)-WAAM (a) at
different heights and (b) from the top to bottom, as well as (c) micrographic pictures at different heights
at 500X magnification.

The results of the tensile tests performed for the characterization of the walls are displayed in
Table 4. The material was tested in the different directions of the wall: vertical, horizontal, and oblique.
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The results are consistent, and it can be observed that the ultimate tensile stress and yield strength
are slightly higher in the horizontal direction than in the vertical direction, with the oblique direction
being the one with the highest results. This behaviour is the opposite of that observed in the elongation
before the fracture, being the most critical parameter compared with the standard required for these
materials in their aeronautical application.

Table 4. Mechanical properties: ultimate tensile stress (UTS), yield strength (YS), and elongation at
break (Elong). PAW-WAAM, plasma arc welding wire arc additive manufacturing.

Specimen
UTS

(MPa)
YS

(MPa)
Elong

(%)

Horizontal PAW-WAAM 981 ± 36.3 917 ± 19.3 11 ± 0.9

Vertical PAW-WAAM 925 ± 18.2 864 ± 22.8 15 ± 1.3

Oblique PAW-WAAM 1094 ± 35.5 1020 ± 20.2 10 ± 0.5

Ti6Al4V >931 >862 >10

Table 5 shows the surface hardness at different depths of the WAAM titanium alloy wall. The
mean values of microhardness are similar from top to bottom of the wall. An average value of 301
HV in the microhardness measured is measured at the wall. No differences are observed between the
different depths. Regarding the values of chemical composition of the material, Table 6 contains the
results obtained from the analysis of the wall. The values meet the requirements set by the standard
that characterizes this titanium alloy (Ti6Al4V), which makes this technology very advantageous. The
selection of the use of WAAM technology, plasma arc welding (PAW), under a controlled atmosphere of
argon allows to ensure the stability of the material so that it does not vary its composition significantly
with respect to the thread used as raw material in the process.

Table 5. Microhardness at different heights.

Hardness (HV 10)

Position Average St. Dev.

Top 294 ±4

Center 304 ±7

Bottom 304 ±5

Mean 301 ±8

Table 6. Chemical composition of WAAM and laminated.

Material
Chemical Composition (wt %)

Al V Fe O C N H Other Ti

PAW-WAAM 6.3 4 0.17 0.16 0.02 0.014 0.003 0.00 Bal.

Laminated 5.5–6.75 3.5–4.5 <0.3 <0.2 <0.08 <0.05 <0.015 <0.4 Bal.

3.2. Chip Morphology Analysis

Figure 7 shows the effect of cutting variables on chip morphology for the drilling tests of the
specimen produced by additive manufacturing. As it can be noticed, the greater the feed, the smaller
the chip length, while there is no big difference with the variation of cutting speed. This effect can be
explained by the increase in the chip cross sectional area with the feed rate. A bigger cross-sectional
area leads to a higher stiffness and, therefore, chips break more easily into segments. It is important to
note that smaller chips are desirable in titanium drilling because a good chip extraction leads to lower
thrust forces and cutting temperatures.
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Figure 7. Effect of cutting speed and feed rate on chip morphology in drilling of WAAM specimen.

Moreover, as shown in Figure 8, it was also observed that, the higher the feed, and the smaller
the cutting speed, and the greater the distance between two adjacent cones of the chip (geometrical
parameter known as “pitch”). This effect also enhances chip breakability [21]. Similar results were
obtained for the laminated specimen.

Figure 8. Effect of cutting speed and feed rate on the chip “pitch” (workpieces produced by WAAM).

To study in greater depth the chip formation process, a metallographic analysis of the chip cross
section was carried out for some experiments. In particular, the part of the chip generated farther from
the center of the tool was studied (see Figure 9). It should be noted that the cutting speed and rake
angle are not the same in all the points of the cutting edge, leading to different material deformation
and failure conditions.

Figure 9 shows the chip cross section for a workpiece produced by WAAM. A serrated chip
formation process is noticeable with significant grain deformation in the primary shear zone. The
appearance of such “shear bands” can be explained by a cycle of autocatalytic ruination [22]. During
chip deformation, there is a local increase of the workpiece temperature produced by plastic work.
During the short loading time, the temperature increases titanium’s flow stress decreases and leads to
an adiabatic shearing of the chip.
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Figure 9. Metallographic analysis of the cross section of the chip for a workpiece produced by WAAM.

To compare the different machining conditions, two geometrical parameters were measured on
the micrographs: the shear angle and the segment degree (see Figure 10). The segment degree of
serrated chips is defined as G = (h1−h2)/h1 (h1 is the maximum teeth height and h2 is the minimum
teeth height). For the drilling tests carried out in the workpieces produces by WAAM, a decrease in the
shear angle with feed was observed for the tests with the same cutting speed. The bigger the feed, the
higher would be the chip cross-sectional area and the plastic deformation level. As a consequence,
workpiece temperature increases in shear zone and it becomes easier to slip. The segment degree shows
an increase if a higher feed is used. For the studied machining parameter combinations, the results
also showed that feed variation seems to have a bigger influence in the segment degree evolution than
the change of the cutting speed.

Figure 10. Effect of the cutting parameters on the (a) shear angle and (b)segment degree for a workpiece
produced by WAAM.

3.3. Cutting Force Magnitudes

The knowledge of the evolution of cutting forces magnitudes with machining parameters is
necessary for the process assessment. On the one hand, the machine-tool spindle should be able to
generate enough torque for the cutting process. On the other hand, thrust force control is also important
to minimize the vibrations of the drill along its axis as well as to reduce the bur height at the hole exit.

Figure 11 shows the effect of feed per tooth and cutting speed variation on the cutting torque
value. An increase of cutting torque was observed when the feed per tooth was augmented. This
result can be explained by the direct relationship between the cut chip thickness and the feed per
tooth. Moreover, cutting torque decreased in both materials when the cutting speed was increased.
The reduction of titanium’s mechanical properties with temperature could explain this trend. These
results are in accordance with the previous studies carried out in laminated titanium [13,15] and a
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trends was observed for thrust force (see Figure 12). Finally, it should be noted that higher force values
were obtained for the tests carried out in the titanium produced by WAAM as compared with those in
the laminated material. The higher hardness (and overall better mechanical resistance) of the titanium
produced by WAAM could be the reason for such a difference.

Figure 11. Effect of the cutting parameters and material manufacturing process on the cutting torque.

Figure 12. Effect of the cutting parameters and material manufacturing process on the thrust force.

3.4. Hole Quality Analysis

In this section, the quality of the hole drilled at different feed conditions per tooth and cutting speed
will be analyzed, both in the laminated material and in the material manufactured by PAW-WAAM
additive material in terms of the following: diameter, roughness, and burrs at the exit of the hole.

Regarding the diameter, the nominal values measured are slightly higher than the diameter of the
drill, the difference being the one observed at low cutting speeds in the drilling of WAAM material, as
can be seen in Figure 13.
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Figure 13. Effect of the cutting parameters and material manufacturing process on hole diameter.

The roughness is not affected by the set of material and conditions in the cases of rotting analyzed
as can be seen in Figure 14. The observed variance is greater than the differences between the conditions,
which does not allow to establish significant discrepancies between the values.

Figure 14. Effect of the cutting parameters and material manufacturing process on the surface roughness
of the hole.

Figure 15 shows the average burr results measured at the exit of the hole for the drilling
conditions tested, both in the case of the wall obtained by WAAM technology and in those obtained
by conventional methods such as lamination. Cutting conditions, both cutting speed and feed per
tooth, do not determine the size of the burr produced at the exit of the hole. The manufacturing
process of the titanium alloy wall has a significant influence. Although the variance observed in the
size of the burr is greater in the case of the WAAM wall, the hole quality in terms of average burr
size is improved. The size of the burr is inversely correlated with the grain size and directly with the
elongation before breakage.

The results show lower burr values in cases of drilling of material manufactured by WAAM
technology owing to its higher hardness and mechanical resistance typical of the manufacturing
process of the wall in which we find a heating–cooling cycle that increases the local hardness.
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Figure 15. Effect of the cutting parameters and material manufacturing process on the burr height.

4. Conclusions

The titanium manufacturing process plays an important role in the mechanical properties and the
workpiece machinability. An experimental study was performed to assess the influence of wire arc
additive manufacturing on the material properties and on the resulting drilling performance. On the
basis of the obtained results, the following conclusions can be drawn:

• It was shown that WAAM additive technology is a valid alternative for manufacturing Ti6Al4V
titanium parts based on the mechanical results obtained. No typical welding defects such as pores
or lack of fusion were observed. The microstructure is typical of rapid cooling normally associated
with welding processes. The slight variations in hardness are because of the thermal cycles of the
additive manufacturing layer by layer.

• The study also highlighted the influence of the workpiece manufacturing process on cutting
forces. Higher cutting torque and thrust for values were obtained for the workpieces produced
by WAAM.

• An increase of cutting forces with feed per tooth was observed for both materials. This result is in
accordance with previous studied and can be linked to the higher cross-sectional area of the chip.
Conversely, cutting forces were reduced when cutting speed was augmented. This result can be
linked to the poorer mechanical resistance of titanium at higher temperatures.

• Regarding the chip geometry, a greater feed led to a smaller chip length, while no big differences
were observed with the variation of cutting speed. Moreover, a metallographic analysis of the
chip cross section showed that a serrated chip formation process was also present during drilling
of titanium produced by WAAM.

• Hole quality was also found to be affected by the materials’ manufacturing process. Burr height
values were approximately 0.1 mm lower in the workpieces produced by WAAM. This can
be explained by the higher hardness and mechanical properties of the additive-manufactured
material. The hole diameter and surface roughness values were in the tolerance range required in
the aeronautics industry for airframe parts.

Overall, from this study, it can be concluded that the workpieces produced by WAAM yield better
performance in terms of mechanical properties and burr height, but higher cutting forces would be
obtained under the same drilling conditions.

Future research works should consider the influence of the geometrical characteristics of the drill
in the cutting process in order to obtain an optimized tool for this new workpiece material. Other lines
of research to consider cover the study of different drilling parameters, considering the variance and
repeatability with a large sample-size experiment analyzing the wear of the drill. Also of interest is
the comparative study of the machinability of the material manufactured by this additive technology
versus other material deposition technology such as selective laser melting (SLM) or laser metal
deposition (LMD).
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Acronyms

Abbreviation Definition

AM Additive Manufacturing
WAAM Wire Arc Additive Manufacturing
EASA European Union Aviation Safety Agency
LMD Laser Melting Deposition
SLM Selective Laser Melting
EBM Electron Beam Melting
PAW Plasma Arc Welding
AMS Aerospace Material Specification
IR Infrared Spectroscopy
CNC Computer Numerical Control
MQL Minimum Quantity Lubrication
UTS Ultimate Tensile Stress
YS Yield Strength
Vc Cutting Speed
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Abstract: We used selective laser melting (SLM) Inconel 718 (coded AS) to carry out three heat
treatment processes: (1) double aging (coded A), (2) solid solution +A (coded SA), (3) homogenization
+ SA (coded HSA) in order to investigate the effects of microstructure changes and tensile strength
enhancement on erosion resistance. The as-SLM IN718 and three heat-treated specimens were
subjected to clarify the effects of erosion-induced phase transformation on tensile mechanical
properties. All heat-treated specimens showed better erosion resistance than as-SLM IN718 did at all
impact angles. The as-SLM IN718 and the three heat-treated specimens produced new γ′ phase or
metal-oxide via particle erosion, which increased the surface hardness of the material. The thickness
of the erosion affected zone is 200 μm, which is the main cause of tensile embrittlement.

Keywords: Inconel 718; selective laser melting (SLM); erosion; phase transformation;
tensile; embrittlement

1. Introduction

Inconel 718 (IN718) is widely applied in aeronautics, astronautics, and energy industries because
of its excellent corrosion resistance, oxidation resistance, weldability, and mechanical properties
under circumstances like room temperature and elevated temperature. Its application area includes
gas turbines, turbine blades, rocket engines, components for oil and gas extraction, and nuclear
engineering [1–4]. IN718 is precipitation strengthened nickel-based superalloy which could be
strengthened by precipitation of D022 γ” (Ni3Nb), L12 γ′ (Ni3(Al, Ti)), and D0a δ (Ni3Nb) in the γ

matrix [5], thus could be imported in the engineering applications.
Additive manufacturing (AM) can reduce costs, save mold manufacturing costs, and create

complex geometric shapes. It has been applied to various industries [6]. Selective laser melting (SLM) is
classified as the family of AM technologies. SLM uses metal powder as raw material to be illuminated
by a high-energy laser beam within a specified area. After the powder melts, it is rapidly solidified at
high cooling rates [7–9].

Blades, turbines, and engines are often impacted by solid particle erosion wear, resulting in
damage to pieces and equipment. Erosion wear is the phenomenon of gas or liquid-driven particles
striking the surface of a material [10,11]. Few articles mention the particle erosion wear of nickel-based
superalloys. Most of them concern their casting and forging [12–14]. We are interested in particle
erosion resistance and the erosion induced phase transformation of 3D-printed IN718.

Particle erosion wear could induce phase transformation. This phenomenon has been confirmed
by Al-Si-Mg alloy [15], austempered ductile iron (ADI) [16], 316 stainless steel [17], and even 3D-printed
Ti-6Al-4V [18]. The heat generated by particle impact or strain helps dissolve a phase or form a new
phase, further affecting the hardness and other mechanical properties.
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Based on this, the purpose of this study is to investigate the microstructure and the mechanical
properties of heat-treated SLM Inconel 718. To clarify the erosion-induced phase transformation
mechanism and its effect on the material brittleness, we compared the particle erosion wear behavior of
as-SLM Inconel 718 with those of three heat-treated specimens. These results have significant reference
value for the aerospace industry.

2. Experimental Procedure

The purpose of the experiments was to compare the erosion resistance of as-SLM specimen (coded
AS) with those of the three heat-treated specimens (A, SA, and HSA) under various impact angles.
Table 1 shows the SLM process parameters used in this study. The raw material IN718 powder supplied
by EOS GmbH (Electro-Optical Systems, Krailling, Germany) had an average particle size of 15 μm
(Figure 1). The chemical compositions of IN718 included: Ni (50–55 wt. %), Cr (17–21 wt. %), Nb
(4.7–5.5 wt. %), Ti (0.6–1.2 wt. %), Al (0.2–0.8 wt. %), Mo (2.8–3.3 wt. %), Co (≤1.0 wt. %), Cu (≤0.3 wt.
%), C (≤0.08 wt. %), and Fe (bal.).

Table 1. Process parameters used for selective laser melting (SLM).

Laser
Power

Scanning
Velocity

Layer
Thickness

Hatching
Space

Idle
Time

Preheat
Temperature

230 W 760 mm/s 40 μm 110 μm 10 s 80 ◦C

 
Figure 1. The morphology of Inconel 718 (IN718) powder.

The specimens were removed from the support by electrical discharge machining wire cutting.
The as-SLM IN718 (shortly “AS”) specimen was subjected to three heat treatment processes: (1) “A”:
double aging treatment (720 ◦C for 8 h, then furnace cooling at 55 ◦C/h to 620 ◦C, maintaining 620 ◦C for
8 h, finally air cooling); (2) “SA”: solid solution treatment (980 ◦C for 1 h, then water cooling) followed
by “A”; and (3) “HSA”: homogenization treatment (1080 ◦C for 1.5 h, then air cooling) followed by
“SA”.

The equipment used for the erosion test is shown in Figure 2. We used Al2O3 particles as impact
particle with an average size of 450 μm for the erosion tests. Their morphology is shown in Figure 3.
The specimens were polished with SiC paper from #80 to #1000, then were soaked in acetone for
ultrasonic cleaning before the erosion tests. Two hundred grams of the erosion particles were used
under a compressed air flow of 3 kg/cm2 (0.29 MPa). The impact angles were set to 15◦, 30◦, 45◦, 60◦,
75◦, and 90◦.
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Figure 2. The equipment for particle erosion test. (A: compressed air flow; B: erosion particle (Al2O3)
supplier; C: erodent nozzle; D: specimen; E: specimen holder; θ: impact angle.)

Figure 3. The morphology of the Al2O3 erosion particles.

After the erosion test, the specimens were polished with SiC paper (from #80 to #5000). Then
they were soaked in Al2O3 aqueous solution (1 and 0.3 μm), and a 0.04 μm SiO2 polishing solution.
Finally, they were etched with a chemical solution consisting of 50% HCl, 10% HNO3, 2% HF, and 38%
of distilled water. Optical microscopy (OM, OLYMPUS BX41M-LED, Tokyo, Japan) and a scanning
electron microscope (SEM, HITACHI SU-5000, HITACHI, Tokyo, Japan) were used to examine the
surface and the subsurface of the erosion specimens.

The specimens eroded at the 90◦ impact angle were selected to analyze the phase composition
pre and post erosion states by X-ray diffractometry (XRD, Bruker AXS GmbH, Karlsruhe, Germany).
Transmission electron microscopy (TEM, Tecnai F20 G2, EFI, Hillsboro, OR, USA) was used to
investigate the microstructure characteristics of the A and HSA pre and post erosion states since the
difference in microstructure between these two is the most significant. Finally, the Vickers hardness
test (Shimadzu HMV-2000L, Shimadzu, Kaohsiung, Taiwan) was used to analyze the microhardness
distribution along the longitudinal direction after the erosion.

The dimensions of the SLM IN718 tensile specimen are shown in Figure 4. The parallel sections of
the AS and the three heat-treated specimens were eroded by 200 g Al2O3 particles under a compressed
air flow of 3 kg/cm2 (0.29 MPa) at the 90◦ impact angle. The room temperature tensile tests of the pre
and post erosion states were performed by a universal testing machine (HT-8336, Hung Ta, Taichung,
Taiwan). The crosshead speed was chosen as 1 mm/min, corresponding to the initial strain rate of 8.33
× 10−4 s−1. There were at least three specimens used for each tensile test, and the tensile results were
taken as the mean values produced by those specimens.
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Figure 4. Schematic diagram of the selective laser melting (SLM) IN718 tensile specimen.

3. Results and Discussion

3.1. Particle Erosion Wear Characteristics and Mechanisms

Figure 5 shows the microstructure of the as-SLM Inconel 718 and the three strength-enhanced
heat-treated specimens. The as-SLM (AS) specimen has a layered melt pool structure as shown in
Figure 5a. Figure 5b shows the microstructure of the specimen “A”. We can observe long grains
penetrating the melt pools, while the melt pool traces are inconspicuous because of thermal diffusion.
Figure 5c shows the microstructure of the specimen “SA”. The melt pool traces and the dendritic
structure are replaced by long grains parallel to the laser direction. This means that after the solid
solution treatment, the dendrites decomposed, and the segregated solute atoms dissolved into the
matrix to form long recrystallized grains. The microstructure of the specimen “HSA” is shown
in Figure 5d. The HSA specimen exhibits passivated equiaxed recrystallized grains. These four
microstructures are similar to those mentioned in the literature [19–22].

Figure 5. Microstructures of (a) AS, (b) A, (c) SA, and (d) HSA. (AS: as-SLM; A: double aging treatment
(720 ◦C for 8 h, then furnace cooling at 55 ◦C/h to 620 ◦C, maintaining 620 ◦C for 8 h, finally air cooling);
SA: solid solution treatment (980 ◦C for 1 h, then water cooling) followed by A; HSA: homogenization
treatment (1080 ◦C for 1.5 h, then air cooling) followed by SA.).

According to previous literature [23,24], the maximal erosion rates of general ductile metals often
take place at about 20–30◦ angles, but the maximal erosion wear rate of brittle materials (ceramics and
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glass) occurs at about a 90◦ angle. The erosion rates of the AS, A, SA, and HSA specimens are displayed
in Figure 6. All specimens attain a maximal erosion rate at 30◦ angle, and a minimal erosion rate at 90◦
angle. The erosion rates decrease with impact angle, which means that ductile-cutting dominates the
erosion behavior. At all impact angles, the erosion rate of AS was higher than those of A, SA, and HSA,
indicating that heat treatment, especially double aging treatment, can significantly improve the erosion
resistance of SLM IN718. In this system, the erosion resistance of the SLM specimen was better than
the commercial rolling specimen.

Figure 6. The erosion rates as a function of impact angle.

The difference in the erosion rates among the specimens culminated at 30◦, and it was significant
in the low-angle region (<45◦), the domain of ductile domination. The erosion rates from high to low
corresponded to AS, SA, HSA, and A. However, in the high-angle region (>45◦), the domain of brittle
domination, the erosion rates of A, SA, and HSA were similar to each other, and significantly lower
than that of AS.

For an explanation, we turn to Figure 7 showing the surface morphology of specimens at 30◦, 60◦,
and 90◦ angles. All specimens have lips and grooves on the erosion surface proportional to the erosion
rate. The surface of AS has the most amount of lips and grooves, while A has the least. This means
that below 45◦, the erosion rate is positively correlated with the material being scraped off by erosion
particles. At both 60◦ and 90◦, AS exhibited a ductile scraped and squeezed morphology, different
from those of the heat-treated specimens with a brittle pit morphology.

The subsurface morphology of all specimens at 30◦, 60◦, and 90◦ are shown in Figure 8. Specimen
A had the lowest erosion rate with almost no lips, showing a smoother subsurface morphology. The
subsurface morphology of A, SA, and HSA were more undulated. At 60◦, AS and A exhibited similar
subsurface morphology, with some lip features and oblique pits; SA and HSA were filled with oblique
pits without lips. At 90◦, narrow and deep pits were observed in AS, while A, SA, and HSA had wider
and shallow pits. In addition, extrusion traces after the positively eroded particles were observed in
SA and HSA, with the latter one being more obvious.
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Figure 7. Surface morphology of AS, A, SA, and HSA at various impact angles.

 
Figure 8. Subsurface morphology of AS, A, SA, and HSA at various impact angles.

3.2. Particle Erosion Induced Phase Transformation

Figure 9 displays the XRD diffraction analysis pre and post positive erosion endured at 90◦.
For post erosion labeling, we added an ‘E’ after the codes, i.e., ASE, AE, SAE, and HSAE. We can
observe five peaks, namely (111), (200), (220), (311), and (222). As the peaks of γ, γ′, and γ” are almost
overlapping, it is difficult to match peaks with phases. The literature [5,25] suggests, to match the (111)
peak with the γ phase and the (222) peak with the γ′ phase. The main peaks of A, SA, and HSA appear
as (111) peaks, while the (222) peaks are more obvious than in the AS, indicating that the γ′ phase was
formed after heat treatments.
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Figure 9. X-ray diffraction pattern of AS, A, SA, and HSA pre and post erosion: (a) 20–100◦, and (b)
30–60◦.

In addition, the orientation was changed, and several new peaks appeared after erosion. The new
γ′ phase and metal-oxide (MO) were generated. Meanwhile, these peaks are in agreement with Al2O3

corundum, meaning that there may be some residual Al2O3 phase left in the surface of the material.
We compared the changes of microstructures of A, AE, HSA, and HSAE between pre and post

erosion (AE and HSAE) via TEM. Figure 10a is the bright field TEM image of the specimen A surface
region. From the selected area electron diffraction (SAED) pattern shown in Figure 10b, it can be
confirmed that the black and the white regions both represent γ phase matrices. Figure 10c displays
the bright field TEM image of the surface region of the HSA specimen. The SAED pattern of the white
area corresponds a γ phase matrix, shown in Figure 10d.

Figure 11a,b shows bright field TEM images of the surface region of AE and HSAE, respectively.
The microstructures are completely different after the particle erosion. Figure 11c,d displays the
well-defined SAED ring patterns of AE and HSAE, respectively. The fine grains within the region
selected indicate that the surface regions of both A and HSA transformed post erosion.
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Figure 10. Transmission electron microscopy (TEM) images of specimens pre erosion: (a) A, (b) SAED
(selected area electron diffraction) pattern of A, (c) HSA, and (d) SAED pattern of HSA.

 
Figure 11. TEM images of specimens after erosion: (a) AE, (b) SAED pattern of AE, (c) HSAE, and (d)
SAED pattern of HSAE.

In addition, when Al2O3 particles impact the surface of Ni-alloy specimen, it can induce impact-heat
up to ≈500 ◦C and small sparks are also found during the erosion process. Furthermore, the aging
precipitation temperature of the Ni alloy of this paper is about 600 ◦C. Based on our XRD and TEM: after
erosion, the crystallization characteristics of the surface of the test specimen are different (including
orientation changes, and metal-oxide formations).

The microhardness distribution along the longitudinal direction of the specimens post particle
erosion is shown in Figure 12. After positive erosion, the specimens can be divided into two zones.
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The erosion affected zone (EAZ) runs from the erosion surface toward the bottom, while the hardness
stability zone (matrix zone) being located below the EAZ. At EAZ, microhardness gradually declines
from the surface to a depth of 200 μm, where it reaches the matrix hardness stability zone.

Figure 12. Microhardness distribution of ASE, AE, SAE, and HSAE in the longitudinal direction.

According to previous studies [15–18], temperature increase on the impacted specimen surface
induces phase transformation. Wood [17] and Zhao [18] described that erosion would lead to high
temperature, making the phase dissolve and the surface layer soft. However, this phenomenon did
not occur during our observations. Instead, the surface hardness increased, which can be attributed
to that of IN718 is precipitation hardened superalloy. The particle erosion resulted in heat-induced
phase transformation, yielding a new γ′ phase, which composite with work hardening owing to the
eroded particles.

There is a difference between the surface hardness and the stable hardness of the specimens. This
difference was maximal in the case of the HSA specimen. Our interpretation is that the HSA specimen
had its surface squeezed down and stacked by erosion particles (see Figure 8). The structural evolution
of the material after erosion has a significant effect on the tensile mechanical properties of the specimen.

3.3. Influence of Erosion Induced Phase Transformation on Mechanical Properties

Figure 13 shows the stress–strain curve of the four specimens pre and post positive erosion at a
90◦ impact angle. The tensile strength of A, SA, and HSA improved significantly, while the ductility
reduced after heat treatments. After the positive erosion, the stress-strain curves of the four specimens
shifted to the right slide, the ductility also reduced significantly.

Figure 13. Stress–strain curve of specimen pre and post positive erosion.
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Figure 14 shows the tensile mechanical proprieties of the four specimens pre and post positive
erosion at a 90◦ impact angle. The AS specimen had better ductility (UE close to 30%), but the strength
was lower than that in the ASM 5662 standard [26] for direct applicability. The strength obviously
increased, and the ductility significantly reduced after three heat treatments. The strength of ASE,
AE, SAE, and HSAE were similar to those pre erosions, but ductility is significantly reduced, and
embrittlement occurred.

Figure 14. Tensile properties of specimen pre and post positive erosion: (a) strength, (b) ductility.

Figure 15 displays the SLM-IN718 phase transformation after erosion. According to previous
research [27–29], deformation at a moderate temperature promotes the precipitated of strengthening
phases. The heat generated by particle impact during erosion increases the surface temperature. The
deformation caused by the extrusion lets the γ′ phase precipitate into the γ matrix, thereby increasing
the hardness of EAZ. Figure 12 suggests that the erosion induced phase transformation precipitates the
hard γ′ phase, generates MO in the surface erosion zone and enhances the hardness of EAZ.

 

Figure 15. Schematic diagram of the IN718 phase transformation between pre and post erosion.
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The precipitation behavior of the double aging heat treatment causes a large decrease in ductility
(Figure 14). This effect is similar to the ductility reducing mechanism of the erosion induced precipitation
of the γ′ phase. Based on this, it can be confirmed that the phase transformation occurs on the IN718
specimen surface post particle erosion, and increases the amount of erosion (see Figure 16), resulting in
the tensile ductility decreases and the erosion embrittlement effect occurs.

Figure 16. Decrease in ductility caused by the impact of erosion particles.

4. Conclusions

1. The maximal corrosion rate of AS, A, SA, and HSA occurred at a 30◦ angle, while the lowest
one occurred at 90◦. This corresponds to the dominant corrosion behavior of ductile cutting.
Heat treatment, especially double aging heat treatment, could increase erosion resistance. In the
ductile domination region (<45◦), the difference of increasing was remarkable, which positively
correlated with the ductility of each specimen. In the brittle domination region (>45◦), the erosion
rates of A, SA, and HSA remained similar. In this system, the erosion resistance of the SLM
specimen was better than the commercial rolling specimen.

2. After particle erosion, orientation changes and phase transformation occurs to generate γ′ phase
or MO. With the work-hardening effect induced by the impact of Al2O3 particles, the specimens
obtained their highest hardness at the surface region.

3. After heat treatment, the strength of SLM IN718 increased, while ductility decreased. The double
aging heat treatment precipitated γ′ to enhance the strength and reduce the ductility. After
erosion, orientation change and phase transformation to generate γ′ phase or MO on both sides
of EAZ, the tensile strength merely varied a little, yet tensile embrittlement occurred.
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19. Chlebus, E.; Gruber, K.; Kuźnicka, B.; Kurzac, J.; Kurzynowski, T. Effect of heat treatment on the microstructure

and mechanical properties of Inconel 718 processed by selective laser melting. Mater. Sci. Eng. A 2015, 639,
647–655. [CrossRef]

20. Mostafa, A.; Rubio, I.P.; Brailovski, V.; Jahazi, M.; Medraj, M. Structure, texture and phases in 3D printed
IN718 alloy subjected to homogenization and HIP treatments. Metals 2017, 7, 196. [CrossRef]

21. Zhang, S.; Zhao, D. Aerospace Materials Handbook, 1st ed.; CRC Press: Boca Raton, FL, USA, 2013.
22. Lewandowski, M.S.; Sahai, V.; Wilcox, R.C.; Matlock, C.A.; Overfelt, R.A. High temperature deformation

of Inconel 718 castings. In Superalloys 718, 625, 706 and Various Dérivatives; Loria, E.A., Ed.; TMS-AIME:
Warrendale, PA, USA, 1994; pp. 345–354.

23. Lindsley, B.A.; Marder, A.R. The Effect of velocity on the solid particle erosion rate alloys. Wear 1999, 225–229,
510–516. [CrossRef]

24. Winter, R.E.; Hutchings, I.M. Solid particle erosion srudies using single angular particles. Wear 1974, 29,
181–194. [CrossRef]

25. Liu, F.; Lin, X.; Jeng, H.; Cao, J.; Liu, Q.; Huang, C.; Huang, W. Microstructural changes in a laser solid
forming Inconel 718 superalloy thin wall in the deposition direction. Opt. Laser Technol. 2013, 45, 330–335.
[CrossRef]

26. SAE Aerospace. Aerospace Material Specification; AMS 5662; SAE International: Warrendale, PA, USA, 2009.
27. Nalawade, S.A.; Sundararaman, M.; Singh, J.B.; Verma, A.; Kishore, R. Precipitation of γ′ phase in

δ-precipitated alloy 718 during deformation at elevated temperatures. Mater. Sci. Eng. A 2010, 527,
2906–2909. [CrossRef]

74



Metals 2020, 10, 21

28. Kuo, C.M.; Yang, Y.T.; Bor, H.Y.; Wei, C.N.; Tai, C.C. Aging effects on the microstructure and creep behavior
of Inconel 718 superalloy. Mater. Sci. Eng. A 2009, 510–511, 289–294. [CrossRef]

29. Chamanfar, A.; Sarrat, L.; Jahazi, M.; Asadi, M.; Weck, A.; Koul, A.K. Microstructural characteristics of forged
and heat treated Inconel-718 disks. Mater. Design. 2013, 52, 791–800. [CrossRef]

© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

75





metals

Article

The Effect of Stress Relief on the Mechanical and
Fatigue Properties of Additively Manufactured
AlSi10Mg Parts

Busisiwe J. Mfusi 1,2,*, Ntombizodwa R. Mathe 2,*, Lerato C. Tshabalala 2 and

Patricia AI. Popoola 1

1 Department of Chemical and Metallurgical Engineering, Tshwane University of Technology,
Staatsartillerie Rd, Pretoria West, Pretoria 0183, South Africa; PopoolaAPI@tut.ac.za

2 National Laser Centre, Council for Scientific and Industrial Research, Meiring Naudé Road, Brummeria,
Pretoria 0185, South Africa; ltshabalala1@csir.co.za

* Correspondence: mfusibusisiwe08@gmail.com (B.J.M.); nmathe@csir.co.za (N.R.M.);
Tel.: +012-841-4667 (B.J.M.); +012-841-4667 (N.R.M.)

Received: 25 July 2019; Accepted: 14 October 2019; Published: 12 November 2019

Abstract: The heating and cooling profiles experienced during laser additive manufacturing results
in residual stresses build up in the component. Therefore, it is necessary to perform post build stress
relieving towards the retention and improvement of the mechanical properties. However the thermal
treatments for conventional manufacturing do not seem to completely accommodate these rapid
heating and cooling cycles of laser processing techniques such as powder bed fusion. Characterizations
such as density measurements on the samples were performed employing the Archimedes principle;
hardness testing was performed on the Zwick micro/macro (Hv) hardness tester, SEM and Electron
backscatter diffraction (EBSD). Fracture toughness and crack growth was conducted on a fatigue
crack machine. All characterization was done after stress relieving of Selective Laser Melting (SLM)
produced samples at 300 ◦C for 2 hrs was performed in a furnace. The mechanical properties appear to
be rather compromised instead of being enhanced desirably. As-built SLM produced tensile specimens
built in different directions exhibited significantly favorable mechanical properties. However, post
stress relieve thermal treatment technique deteriorated the strength while increasing the ductility
significantly. Nonetheless, fatigue crack growth and fracture toughness illustrated positive outcome
in terms of fatigue life on SLM produced AlSi10Mg components in application.

Keywords: selective laser melting (SLM); Alsi10Mg; stress relieve; additive manufacturing

1. Introduction

Additive manufacturing (AM) is a new technology that has made its mark as an innovative
and flexible manufacturing technology [1]. Continuously, there is a need for the development of
this technique, with the main objective being to reach 100% component density [2,3]. The additive
manufacturing of aluminum alloys in particular finds recent applications in the aerospace, rail and
automotive industries for structural and non-structural parts, which are usually die casted. In particular,
the powder bed fusion processing of aluminum alloys has gained interest in the aerospace, rail and
automotive industries due to the versatile nature of the process. The shapes of the components are
generally attained from rigidity-focused strategies. Usually low stress requirements are often the
objective for these components relative to stressful loading circumstances where finite-life fatigue
resistance should be considered as distinctively possible such as circumstances where load or vibrations
counteracting on component could be extreme [4]. Fatigue resistance crack propagation relative to
the direction of the load is inherently dependent to anisotropy of the process of manufacturing. It is
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common knowledge that defects that are found on the surface are the most dangerous of them all since
crack propagation is most likely to be initiated on the surface. In AM applications, majority of failures
observed are those that generally instigated from the surface where there are defects [4].

Silicon based aluminum alloys such as AlSi10Mg, AlSi12, etc. are currently used for laser AM and
these are characterized by good castability, low shrinkage and moderately low melting temperature
and AlSi10Mg is one of the most common alloys characterized with a hypoeutectic composition [5,6].
Prashanth et al. [7] studied the heat treatment of hypereutectic Al–Si alloys, which are said to have a wide
application in the automobile and aerospace sectors due to their high wear and corrosion resistance.

During laser AM processing, the rapid heating and cooling of the laser processing results in the
residual stresses build up. These residual stresses affect the properties of the components such as the
ultimate tensile strength and the fatigue life [8]. It is said to be common knowledge that AM material
has comparatively lower fatigue resistance than traditionally manufactured materials in the as-built
condition, the reason being that fatigue life is affected directly by impurities and the inhomogeneity of
the microstructure [9]. In this case, post heat treatment is necessary in order to relieve the residual
stresses while maintaining the desired mechanical properties.

For instance, Cabrini et al. [10] performed various heat treatment techniques on the AlSi10Mg
samples with various direct metal laser sintering (DMLS). These were stress relieving, annealing
at high temperature and water quenching. Their results determined that annealing resulted in
intensification to the matrix of aluminum phase with precipitation of rounded silicon on the surface
also. Fiocchi et al. [11] studied the low temperature annealing of Selective Laser Melting (SLM)
produced AlSi10Mg. After stress relieving at 263 ◦C on the as built samples, minor microstructural
differences were observed. However, for heat treatment at 294 ◦C the silicon network appeared to be
disconnected. Other work by Fousova et al. [12], investigated the modifications in the microstructure
and mechanical properties of additively manufactured AlSi10Mg alloy after exposure to temperatures of
120–180 ◦C. The current, heat treatment profiles, mainly die casting used for AM parts, are adapted from
conventional profiles, which have been shown to affect the AM parts negatively in some instances [13].

Therefore in order to improve the fatigue performance of AlSi10Mg, T6 heat treatment, processes
such as solution treatment at 520 ◦C, water quenching and artificial ageing at 160 ◦C, which are also
known as peak-hardening have been used [14]. Microstructural coarsening and material softening
during annealing of SLM produced AlSi12 were reported and revealed the same results as conventionally
cast material [15].

This paper will focus on the effect of stress relieving on the microstructure, porosity, mechanical
properties and fatigue life of SLM produced AlSi10Mg samples with a focus on the build direction
effect. It is a continuation of the previously published work conducted by the authors investigating the
effect of build direction on the as-built SLM samples using AlSi10Mg [16]. This is because although the
effect of the build direction of powder bed fusion manufactured Ti6Al4V has been extensively studied,
there is little information on the AlSi10Mg alloy.

2. Materials and Methods

2.1. Powder Bed Fusion Processing

AlSi10Mg powder with a spherical morphology and particle size distribution of 30–65 μm was
purchased from TLS Technik GmbH, Germany, and it was used as received (see reference [6]). The study
was carried out on specimens produced by the SLM Solution M280 GmbH from Lubeck in Germany
using a laser power of 150 W, 1000 mm/s scan speed, 50 μm hatch spacing and 50 μm powder layer
thickness fixed processing parameters (the image of the samples on the base late is presented in
previous work [16]). The samples were built in the XY, 45◦ and Z orientations. Tensile, fatigue and
crack growth samples (three of each) were prepared according to the images in Scheme 1. Post build
stress relieving on the specimens was carried out in a rotary furnace using a temperature of 300 ◦C and
hold time of 2 h then furnace cooled to room temperature.
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Scheme 1. An illustration of the Selective Laser Melting (SLM )produced AlSi10Mg mechanical samples;
(a) tensile, (b) fracture toughness and (c) fatigue crack growth. Note: The length and width of (b) and
(c) are the same.

2.2. Characterization Techniques

Density measurements on the samples were performed using the Ohaus densitometer employing
the Archimedes principle with ethanol as a liquid medium. For testing the mechanical properties
(ASTME8), the 20kN Zwick/Roell Tensile/Compression tester GmbH from Radeberg in Germany was
used, while hardness testing was performed on the Zwick micro/macro (Hv) hardness tester GmbH
from Radeberg in Germany. The microstructures of the polished samples after etching with Keller’s
reagent were viewed on the optical microscope. The samples were also analyzed for phase and grain
information using a Zeiss LEO 1530-FESEM fitted with the Oxford Energy Dispersive Spectroscopy
(EDS) and Hardware Lab Kit (HKL) Electron Backscatter Diffraction (EBSD) detector GmbH from
Radeberg in Germany. The fractured tensile samples also underwent fracture analysis on the JEOL
JEM-210 SEM from Peabody in USA. A 1342 Instron 30 kN fatigue crack machine from Norwood in
US was used to conduct fracture toughness and fatigue crack growth tests according to ASTM399.
The dimensions of the samples were as seen in Scheme 1, with a notch length of 7.37 mm for both
fatigue crack growth and fracture toughness samples. The load used on the samples was 156 MPa,
cycling at a rate of 2.1 mm/min and frequency of 15 Hz.

3. Results and Discussion

3.1. Density and Porosity Measurements

The density results of the AlSi10Mg as-built samples were investigated and presented by
Mfusi et al. [16], where the average density was 2.68 g/cm3, with relative densities above 99% for the
samples in different build directions. However, after stress relieving at 300 ◦C the density values
dropped drastically to 2.58–2.61 g/cm3, which were 0.07–0.1 g/cm3 lower than as-built, presented in
Table 1. It was also observed that the porosity values were higher at 2.67–3.81%, which was above the
accepted levels for applications.

Table 1. Showing the orientation density and porosity levels after stress relieve.

Orientation Density (g/cm3) Porosity (%) Relative Density (%)

A (0◦) 2.61 ± 0.025 2.67 ± 0.92 97.33 ± 0.92
B (45◦) 2.60 ± 0.023 3.19 ± 0.86 96.81 ± 0.86
C (90◦) 2.58 ± 0.027 3.82 ± 1.00 96.18 ± 1.00

This behavior was also observed by Calignano [17], where they also determined that stress relief
led to a decline the density and mechanical properties of the specimen. Ahmed [5] determined that the
greatest challenge in producing aluminum alloys parts by SLM technique was to minimize porosity,
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which is the major effect of the relative density as aluminum alloys are easily subjects to oxidation
during processing, stimulating pore formation. Therefore, more research is needed to address the
impact of heat treatment temperatures on the properties of the SLM produced samples in order to
optimize the properties for intended applications [18].

3.2. Hardness Measurements

The Vickers hardness method was used to measure the hardness of the samples in different
orientations after stress relieving and is presented in Table 2.

Table 2. Build orientation hardness results after stress relief.

Orientation HV

A (0◦) 43.91 ± 2.44
B (45◦) 47.32 ± 3.35
C (90◦) 47.14 ± 4.16

After stress relief the samples suffered an enormous drop in hardness from 126–128 HV for the
as-built samples [16], to 46–49 HV as shown in Table 2. This illustrated the uncertainty of the stress
relieving method undertaken towards the improvement of the mechanical properties of SLM produced
AlSi10Mg, irrespective of the build direction. However, the largest drop in hardness was observed
for batch A that was built in the 0◦ direction. This decrease in hardness after stress relief in the SLM
produced aluminum alloy study was also observed by Fiocchi et al. [11] and Aboulkhair et al. [16,19],
where a negative response was seen after heat treating the AlSi10Mg alloy using the T6 treatment
and stress relief at 300 ◦C. In their work, stress relief showed a significant decrease in hardness of up
to 66%, compared to the decrease of up to 62% obtained in this investigation. They attributed this
behavior to the material softening that was seen to expose the additively manufactured component’s
weakness for application that requires high hardness properties. Trevisan et al. investigated the effect
of stress relieving on SLM produced AlSi10Mg parts and also reported negative results as well [17],
which might not render the temperature profiles viable for the improvement of properties, however the
process is sometimes necessary in order to relieve the residual stresses obtained in SLM produced parts.

3.3. Microstructure Analysis

The evolution of the microstructures as a function of heat treatment is an important aspect
of metallurgical evaluation as it is related to the mechanical properties of the samples. Therefore,
the microstructures of the SLM processed AlSi10Mg samples after stress relieving were taken and these
are presented in Figure 1a–c, demonstrating the three build directions at 50×magnifications.

Figure 1. Optical Microscopy (OM) microstructure of AlSi10Mg (orientation 0◦, 45◦ and 90◦) samples:
(a–c) at 50×magnification post stress relief.

80



Metals 2019, 9, 1216

Figure 1a–c illustrates that post stress relieving, the grain boundaries disappeared completely
and a different homogeneous “sand like” structure was observed. The microstructural observation
acquired a big change in the morphology compared to the as-built micrographs, which had scale-like
morphologies [16], as presented by Mfusi et al. From the observation, this structure exhibited a rough
surface, which was speculated to be a result of the silicon (depicted by yellow arrow) and aluminum
(depicted by white arrow) being uniformly distributed. Brandl et al. [15] also observed the same change
in the microstructure after performing peak hardening heat treatment for SLM processed AlSi10Mg.
Finer silicon particles were observed in 45◦ orientation relative to 0◦ and 90◦ orientation, which were
anticipated to be attributed by the defects contained in the specimen. Built direction played a role as it
was observed also that 0◦ orientation had more courser particles than the rest. Tang determined that
there were three stages that silicon undergoes during stress relief heat treatment where silicon and
Mg2Si precipitates, spheroidization of precipitates and silicon particles coarsening [20].

Fousova et al. [12], explained the effect as the comparative infringement of the silicon network
causing the coarsening of distinct Si particles, which are observed in all the images. Zhang et al. [21]
also stated that after stress relieving, there is a diffusion of silicon dendrites into a discontinuous state.

3.4. Electron Backscatter Diffraction (EBSD)

EBSD was performed on the as-built and stress relieved samples to determine the effect that
stress relieving has on the phases and grains produced by SLM processing. Table 3 presents the phase
fractions of the main elements of AlSi10Mg alloy for the as built samples, as well as for samples after
stress relieve heat treatment respectively, for the three build directions.

Table 3. Showing as built and stress relieved Electron Backscatter Diffraction (EBSD) phase fraction.

AS-BUILT

Orientation EBSD Phase Fraction (%)

Al Si Mg2Si Zero solution

A (0◦) 2.02 8.52 1.04 88.42
B (45◦) 8.80 54.17 1.19 35.84
C (90◦) 11.48 37.23 3.47 47.82

STRESS RELIEVED

Orientation EBSD Phase Fraction (%)

Al Si Mg2Si Zero solution

A (0◦) 8.13 29.13 3.20 59.54
B (45◦) 3.09 10.15 1.67 85.09
C (90◦) 11.56 37.49 2.57 48.38

In Table 3, 0◦ orientation samples, before stress relief had a minimal amount of the main elements
and a high percentage of zero solution. After stress relieving an increase in aluminum and especially
silicon was observed on the surface of the sample, this supports the observation made in Figure 1 OM
images. The 45◦ orientation showed a huge fraction of silicon element and a significant amount of
aluminum before stress relieve. After stress, a huge rise to zero solution is seen. On the other hand
90◦ orientation showed to have an insignificant change before and after stress relieve with a drop in
the Mg2Si as compared to other orientations. During the SLM process, Mg2Si appeared upon final
solidification while appearing beneath solidus temperature below equilibrium circumstances. Mg
generally melted into the aluminum matrix considering that it was not present as any intermetallic
phases during solidification at equilibrium as stated by Tang et al. [20] then the increase of Mg2Si and
silicon after heat treatment was caused by the precipitation onto the surface.

Figure 2 shows the pictures of the electron backscatter diffraction results as-built and after
stress relief.
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Figure 2. EBSD of AlSi10Mg samples at the Energy Dispersive Spectroscopy (EDS layer image,
orientation A (a) and (d), orientation B (b) and (e) and orientation C (c) and (f), as-built and post stress
relief respectively).

Figure 2a showed cellular and dendritic growth, which was also observed in the optical
microstructure. Wu et al. [22] attributed these cellular growths as long cells that are formed as
a result of cooling conditions in place of dendrites. The dark region seen in Figure 2b,c was drastically
eradicated in Figure 2e,f, where more silicon and aluminum were visible. These dark regions, according
to Wu et al. [22] and Mathe et al. [6], are aluminum grains that also contain Al–Si eutectic, which is
difficult to distinguish from cell boundaries because of the disappearance of diffraction data. Figure 2d
has developed roughness on its surface that looks “pimple” like as compared to Figure 2a before stress
relief. The same roughness was observed in the optical microstructures.

Heat treatments at high temperature can encourage the combination of second phases as well
as change in distribution of those phases [23]. This was observed in Figure 2c after stress relief.
In these samples, the columnar and equiaxed grains were observed before stress relief. These have
been proposed to be formed directly by solidification that takes places as cellular dendrites as a
consequence of rapid cooling with little information for the mechanism of formation [22,24]. In the
optical microstructure, it was stated as silicon segregation to the grain boundaries as a result of rapid
cooling [19]. Aboulkhair et al. [25] and Li et al. [23] proposed that these silicon rich boundaries isolated
by the aluminum grains and the cellular structure are the fine eutectic composed of aluminum grains
with silicon particles. Longer columnar grain sizes after stress relief are seen even though they were
covered by the black region. In Figure 2f some Mg2Si precipitation was also observed and the silicon
phase that was more visible on the as-built samples, while after stress relief it seemed to fade.

Wu et al. [22] stated that the reason SLM processed AlSi10Mg is optimum in strength is because
the larger aluminum regions contains silicon particles, which are surrounded by the thick eutectic
boundaries that prevents dislocation movement inside the aluminum grains. In these pictures, it
is observed that the dark lines seen before stress relieved are removed. These dark lines were also
observed by Mathe et al. [6] for SLM produced AlSi10Mg, which were attributed as shear bands that
are caused by the shear strain from the manufacturing process. Grain refinement was also observed on
the samples after stress relieving.
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3.5. Tensile Strength after Stress Relieving

To determine the effect that build directions have on the mechanical properties of post stress relief
tensile specimen tensile measurements were performed. The average values of triplicate measurements
are presented in Figures 3 and 4. In the previous study of the as-built AlSi10Mg SLM samples [16],
orientation 90◦ had the highest ultimate tensile strength compared to the other orientations. After
stress relieving, the Ultimate Tensile Strength (UTS) values dropped drastically from 420–470 MPa
as-built, [16], to 110–160 MPa. The same was observed also for the modulus values in Figure 3b.

Figure 3. The illustration of (a) Ultimate Tensile Strength UTS variation and (b) modulus of elasticity
for the Selective Laser Melting (SLM) processed AlSi10Mg samples as a function of build direction.

Figure 4. The illustration of (a) yield strength and (b) elongation for the SLM processed AlSi10Mg
samples as a function of build direction.

In Figure 3a, 0◦ and 90◦ orientation exhibited the higher UTS values compared to 45◦ orientation.
This is in contrast with the as-built samples where the 0◦ orientation had the lowest UTS value and the
90◦ orientation still had the highest value. The drastic decrease in the mechanical properties of the SLM
produced has also been observed by Brandl et al. [15,19], for the same material, which they attributed
to the changes in the grain structures and phases of the samples present when heat treatment occurs
above the eutectic temperature.

The yield strength results in Figure 4a showed higher values for the 0◦ and 90◦ orientation, with
the values ranging from 61–96 MPa. The 90◦ orientation was ductile but could only endure elastic
deformation up to just below 88.1 MPa, this might be because of the number of pores suffered by the

83



Metals 2019, 9, 1216

material for the as-built samples [16]. The yield strength of the 45◦ orientation was radically dropped
by a magnitude of approximately 4.3 times to 108 MPa. Figure 4b showed the elongation results of the
samples after stress relieving, where for all the build directions the elongation increased significantly
from 6.25–7.25 mm as-built [16] to 12.5–23 mm post stress relief. This means with stress relief the
ductility of the material is drastically improved. The effect of post build stress relieving in this case
had both a negative and positive impact with the most improvement seen for the elongation.

Represented graphically in Figure 5a are the stress–strain curves of the tensile tests after stress
relieving. All the samples after stress relieve experienced Lueder’s bands during tensile testing (see
Figure 5b), which was a result of high total elongation before fracture. This phenomenon occurs
when a specimen that cannot yield to the given load, yields, which is also known as discontinuous
yielding [3,7], the behavior is typically observed in the area where an increase in strain occurs without
an increase in stress. It was observed in the comparison of mechanical properties that before stress
relieving the samples had more strength and less ductility [16], however, after thermal treatment, in the
attempt to acquire ductility, strength was compromised.

Figure 5. Showing Batch A, B and C (0◦; 45◦ and 90◦) samples, (a) tensile strain and (b) extension.

Zhang et al. [26] determined that stress relieve reduces the strengths and fatigue properties of the
alloy significantly due to reduced solid solubility and the precipitation of the fine silicon as well as
the demolition of the fine sub-structures within the aluminum grains. Li et al. [23,27] stated that even
though heat treatment is required for quality improvement of a part by microstructural refinement,
it has been found to decrease the UTS while increasing the ductility. This is as a result of the silicon
trapped in the aluminum matric that precipitates to the grain boundaries, reducing the solid solution
strength [12].

Rosenthal et al. [28], also reported a decline in the ductility that is inversely proportional to the
strain rate, which suggests the effects of confined strain rate hardening had not taken place, and that the
existence of the silicon phase could be predominantly the reason for this conduct. Brandao et al. [29]
used stress relief to prevent the residual stress from distorting the components. The effect was the
same as in this work, as it led to a drastic decrease in the static yield strength.

3.6. Fractography Analysis

Figure 6 illustrates the SEM morphology of the fractured surfaces from the tensile specimens
before and after stress relieving. Figure 6a showed dense and smooth surface for the 0◦ orientation
as-built samples, with fracture defects observed. Fracture observed to begin from the one end of the
structure propagating to the other end.
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Figure 6. SEM morphology of SLM produced AlSi10Mg samples, orientation 0◦ (a) and (d), orientation
45◦ (b) and (e) and orientation 90◦ (c) and (f) as-built and post stress relief respectively.

The stress relieved samples, (Figure 6c–f), showed dimples, which illustrated the ductility that
was desirable for the manufacturing of industrial parts, but in this case the tensile testing strength
was proven to have been compromised. There was also an increase in the number of surface pores
observed on the stress relieved samples compared to the as-built samples, which was in support of the
Archimedes density and porosity results presented in Table 1.

Various defects were observed for the as-built samples, for instance in Figure 6b, ballus defects
were observed and Dheyaa et al. [30] explains these ballus defects, marked with yellow arrows, to be
unmolten or partly molten powder. According to Read et al. [13,31], these unmolten powder particles
are a result of thick oxides layer existing on the particles, which did not allow full consolidation during
processing. Defects such as unmolten powder and pores (marked in red), impacts the fatigue life of a
component severely by reducing the effective load bearing area thus causing stress concentrations that
consequently form static and dynamic strength reduction [15]. In Figure 6e, post stress relieving for
the 45◦ orientation samples, the unmelted powder disappeared but there seemed to not be an apparent
improvement in the mechanical properties. This was observed in the tensile results for orientation B,
which had the highest elongation post stress relieve.

Figure 6c (90◦ orientation) specimen showed a ductile fracture with dimples, which suggests
forced fracture. It was determined that there were micro-cavities formed where there were defects
visible in Figure 6d–f post stress relieve [15,25,31,32]. These micro-cavities lead to more micro-cavities
that join together to cause a fast growing tear in the structure. The tear spreads laterally to the interface
between the melt pool core and the boundary, constantly along the fracture sides. This is due to the
fact that the melt pool boundary is weaker than the melt pool core, containing a coarser microstructure
and minimal content of silicon for the reduced grain boundary, which were also observed on the OM
and EBSD microstructures. Overall post processing by stress relieve has shown the microstructure of
the fracture surfaces of all three different orientations were similar. Ductility dimples are virtually the
same with voids that develop and merge together. Zaretsky et al. [33] believe that the homogeneous
spreading of sites is suitable for void nucleation all over the sample and these are the characteristics of
SLM processing.
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3.7. Fracture Toughness and Fatigue Crack Growth Rate Analysis

The stress relieved samples for the 90◦ orientation were further analyzed for fracture toughness
and crack growth in order to determine the effect that the heat treatment process has on the properties.
One orientation was chosen because all samples after stress relieve exhibited more or less the same
mechanical properties. The samples were machined to dimensions specified in Scheme 1 and ASTM399,
before undergoing the tests. According to Rosenthal [34], as-built AlSi10Mg relative to traditionally
produced AlSi10Mg exhibited inferior fracture toughness properties so the samples were stress relieved
before testing.

Figure 7 was plotted based on the Paris equation: da/dN = C (ΔK)m and the three states were
marked in the graph. The Kq obtained were 29.51, 30.47 and 29.99 MPa.m1/2 for samples 1 to 3
respectively according ASTM399 standard for fracture toughness. Results show correspondence with
those of Rosenthal [34], which were 30.4 MPa.m1/2 after stress relieving. These results show that even
though the stress relieving profile use in this case resulted in a decline in strength, it increased the fatigue
life of the samples as presented in Figure 8. The samples have dimple fractures, which Kobayashi [35]
equated to nucleation–growth–coalescence of voids. According to Brandl [15], additively manufactured
AlSi10Mg demonstrated an increase in fatigue life after thermal treatment compared to cast AlSi10Mg.

Figure 7. Fracture toughness results of the SLM produced AlSi10Mg samples.

A representative sample was chosen from the three samples and is presented in Figure 8; it shows
the propagation until the edge of the sample. The cleavage fracture was observed in these samples
as “particle like” brittle phases where there were holes. These are called Griffith-like-microcrack as
studied by Ruggieri and Dodds Jr. [36]. This is the microcrack that is nucleated then promptly spreads
into the inner grain boundary to cause a fracture when it is not blocked by any obstructions in the
grain boundary. It was observed in the gentleness of the steep of the graph in Figure 7 that the fracture
was gradual. Therefore these samples failed due to nucleation overpowering various consecutive
obstructions in the grains structures [37].
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Figure 8. Illustration of the three fracture toughness samples (a), (b) and (c), SEM images of the SLM
produced AlSi10Mg built in 90◦.

The fatigue crack growths results show that the samples were able to sustain the load for up to
75,000 cycles. The samples exhibited brittle propagation then dimples where it seemed to have tried to
endure further before yielding to cracking. Aluminum alloys exhibited ductile fracture that formed
dimples even though formation of dimples is dependent on shape, properties, volume fraction and
condition of the particle matrix [35].

Figure 9 presents fatigue sample 1 (a,b,c), sample 2 (d,e,f) and sample 3 (g,h,i) of the fatigue crack
growth sample. It was observed in sample 1 numerous pores that were anticipated to have assisted the
crack to grow faster relative to sample 2 and 3.

Figure 9. Crack growth rate results of the SLM produced AlSi10Mg samples.

There seem to have been an increase of propagation possibilities even after a certain number of
obstructions in the grain structure that arose from the pores [35,36] resulting to rapid failure. Samples
3 displayed a smoother propagation before fracture relative to the other two samples as also observed
in Figure 10. Defects and pores at most were mainly the cause of rapid failure on components since
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generally cracks were initiated where there were defects of some sort in the structure such as oxides in
the case of SLM produced AlSI10Mg [37].

Figure 10. Crack growth rate SEM results of the SLM produced AlSi10Mg samples where ((a–c) is
sample 1, (d–f) is sample 2 and (g–i) is sample 3).

4. Conclusions

The results of this work substantiated the anisotropy, which is the demonstration of different
mechanical properties in different axis, in SLM produced tensile samples even post stress relief. There
was an increase in the porosity post stress relief due to the softening of the microstructure subsequent
to the precipitation of silicon and Mg2Si during the heat treatment process. Stress relief, however,
proved to deteriorate all the mechanical properties accomplished by the SLM process except for the
improvement in the ductility/elongation and fatigue life. However, fatigue crack growth and fracture
toughness showed that these mechanical properties could be suited for certain applications even
though there is a need for the development of the stress relief thermal treatment suitable for additively
manufactured materials. SLM produced AlSi10Mg showed to have fatigue resistance after stress relief
due to its ductility that could endure pressure from the loading. It is suggested that post SLM thermal
treatment for AlSi10Mg be further explored, since seemingly most of these thermal treatments as
explored by other researchers’ as well demonstrated poor results. Perhaps, looking into developing
post SLM rules for heat treatment as compared to using the conventional method rules for SLM
produced samples.
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Abstract: UNS S32707 hyper-duplex stainless steel (HDSS) parts with complex shapes for ocean
engineering were prepared by selective laser melting (SLM) process. In the process of SLM, the balance
between austenite and ferrite was undermined due to the high melting temperature and rapid cooling
rate, resulting in poor ductility and toughness. The solution annealing was carried out with various
temperatures (1050–1200 ◦C) for one hour at a time. The evolution of microstructures, mechanical
properties, and corrosion resistance of UNS S32707 samples prepared by SLM was comprehensively
investigated. The results indicate that a decrease in nitrogen content during the SLM process reduced
the content of austenite, and a nearly balanced microstructure was obtained after appropriate solution
annealing. The ratio between ferrite and austenite was approximately 59.5:40.5. The samples with
solution treated at 1150 ◦C and 1100 ◦C exhibited better comprehensive mechanical properties and
pitting resistance, respectively.

Keywords: selective laser melting; hyper-duplex stainless steel; microstructure; mechanical property;
corrosion resistance

1. Introduction

The UNS S32707 hyper-duplex stainless steel (HDSS) has excellent mechanical properties and
corrosion resistance. The pitting resistance equivalent number (PREN =mass% Cr + 3.3 mass% Mo +
16 mass% N) is 49, and the critical pitting temperature (CPT) is 90 ◦C. This material has been widely
used in marine engineering equipment [1,2]. The hot working performance of the HDSS is poor due to
the high content of Cr, Mo, and N, leading to crack during hot rolling. Nitrogen escapes easily during
welding, resulting in the performance of weld metal deteriorates [3,4]. In general, it is difficult to
manufacture a duplex stainless steel, while the selective laser melting (SLM) is an effective technique
to produce HDSS with the complex shapes. In detail, a higher relative density of duplex stainless steel
can be obtained [5], and the precipitation of the σ phase and other harmful phases can be inhibited due
to a rapid cooling rate [6].

In recent years, the austenitic stainless steel [7], precipitation hardening stainless steel [8],
martensitic stainless steel [9], high manganese steel [10], super-duplex stainless steel (SDSS) [11–14]
prepared using SLM were studied. Although SLM technology has a certain basis for the preparation

Metals 2019, 9, 1012; doi:10.3390/met9091012 www.mdpi.com/journal/metals93



Metals 2019, 9, 1012

of SDSS, SLM of HDSS with higher nitrogen content has rarely been reported. Shang et al. [15] have
shown that the microstructure of UNS S32707 HDSS prepared by SLM from the powder prepared by
plasma rotating electrode process (PREP) is mainly ferrite. Although it has high strength and hardness,
the ductility and toughness of duplex stainless steel are poor due to the precipitation of nitride at ferrite
grain boundary. In this study, the microstructure, mechanical properties and corrosion resistance at
different solution annealing temperatures were examined. The objective is to obtain an UNS S32707
HDSS prepared by SLM with balanced austenite-ferrite arrangement, ideal tensile strength, ductility,
toughness, and corrosion resistance.

2. Materials and Methods

The PREP process of UNS S32707 HDSS powder, the SLM parameters, and the samples size can
be found in Shang et al. [15]. The chemical composition of the powder is shown in Table 1, and the
median diameter of the prepared metal powder was 45 μm. The samples were water-quenched using
an atmosphere-protected quenching furnace (OTF-1500X-80-VTQ, Hefei Kejing Materials Technology
Co., Ltd., Hefei, China) following solution annealing at 1050, 1100, 1150, and 1200 ◦C, respectively.
The sample numbers of different processing technologies are shown in Table 2.

Table 1. Chemical composition of UNS S32707 hyper-duplex stainless steel (HDSS) powder.

Element Cr Ni Mo N Si Mn Co Cu Al C O Fe

mass% 27.19 6.48 5.00 0.36 0.58 1.5 1.03 0.98 0.02 0.02 0.018 Bal.

Table 2. The sample numbers of different processing technologies.

Processing Technology
Sample
Number

SLM S1
SLM+ solution annealing (1050 ◦C × 1 h) +water quenching S2
SLM+ solution annealing (1100 ◦C × 1 h) +water quenching S3
SLM+ solution annealing (1150 ◦C × 1 h) +water quenching S4
SLM+ solution annealing (1200 ◦C × 1 h) +water quenching S5

Casting bar UNS S32707 for PREP+ solution annealing (1150 ◦C × 1 h) +water quenching S6
Welded and seamless UNS S32707stainless steel pipe (ASTM A790) S7

The mechanical properties were measured by a WDW-10E microcomputer controlled electronic
universal testing machine. The tensile specimens were built with a nominal gauge section of 25 mm
length × 5 mm width × 2 mm thickness. Rectangular samples with the size of 55 × 10 × 10 mm were
machined into V-notches for the impact test. The microhardness of the samples was measured by
an HV-30 hardness tester. The nitrogen content in the powder and selective laser melted parts was
measured by a LECO ONH 836 Oxygen Nitrogen Hydrogen Analyzer (LECO Corporation, St. Joseph,
MI, USA).

The microstructure of the selective laser melted sample was observed by a Quanta 450 FEG
scanning electron microscope (SEM) (FEI Company, Hillsboro, OR, USA). Prior to the SEM observations,
the samples were electro etched in 10% oxalic acid at an operating voltage of 7 V for 25 s. An HKL
Channel5 electron backscatter diffraction (EBSD) analysis system (Oxford Instruments, Oxford, UK)
equipped in an FEI Quanta 650F field emission scanning electron microscope (SEM) (FEI Company,
Hillsboro, OR, USA) was used to obtain inverse pole figure mappings and phase mappings with
a step size of 0.3 μm and 0.5 μm at an acceleration voltage of 20 kV with a working distance of
13 mm. The EBSD samples were polished by Leica EMRES 102 argon ion polishing instrument (Leica
Microsystems, Wetzlar, Germany). The samples were first polished at a voltage of 5 kV for 40 min,
and then polished at a voltage of 4.5 kV for 50 min. The angle of the ion gun was 15 degrees (2 ion
guns). Finally, the voltage was reduced to 3.5 kV, and the polishing time was 60 min at low voltage with
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the same angle of the ion gun. The microstructure was observed by an FEI Tecnai G2 F20 transmission
electron microscope (TEM) (FEI Company, Hillsboro, OR, USA). TEM samples were first mechanically
polished to a thickness of about 50 μm, followed by ion-beam milling in a Gatan 691 precision ion
polishing system (PIPS) at 5 kV with a final polishing step at 1 kV of ion energies. An FEI Super-energy
dispersive spectrometer (EDS) system equipped in an FEI Titan Themis spherical aberration electron
microscope (FEI Company, Hillsboro, OR, USA) was used for a high-resolution energy surface scan test.
The effect of nitrogen content on the austenite content was simulated by JMatPro software (JMatPro
7.0, Sente Software Ltd., Guildford, UK). The simulated solution annealing temperature was 1150 ◦C.

A Gill AC Bi-STAT electrochemical workstation was used to measure the potentiodynamic
polarization curve at room temperature in 3.5% NaCl solution. The classical three-electrode system is
as follows: Saturated calomel electrode as the reference electrode, platinum electrode as the auxiliary
electrode, and sample as the working electrode. The tests were recorded at a scan rate of 20 mV/min
and ranged between −150 and +2000 mV. Prior to the corrosion testing, the samples were electro
polished in 10% oxalic acid at an operating voltage of 12 V for 25 s. The composition of the passive
film was analyzed by a Thermo Scientific ESCALAB 250Xi X-ray photoelectron spectroscopy (XPS)
(Thermo Fisher Scientific Inc., Waltham, MA, USA), the source of X-ray excitation was Al Kα, and the
vacuum of analysis chamber was 10−9 mbar. The high resolution spectrum of XPS was resolved by
PeakFit software (PeakFit 4.12, Seasolve Software Inc., Framingham, MA, USA).

3. Results and Discussion

3.1. Microstructure

The XRD diagrams of samples processed by different technologies are shown in Figure 1. It can
be seen that the samples prepared by SLM are mainly composed of ferrite phase, whereas the solution
treated samples at 1050 ◦C were mainly composed of austenite and the σ phase, and mainly composed
of ferrite and austenite phases for samples treated at 1100–1200 ◦C, respectively. The TEM bright-field
image in Figure 2a shows that dislocations were found in the S1 sample, suggesting that the high stress
caused by rapid cooling led to the appearance of dislocations. Dislocations provide a driving force for
recrystallization during solution annealing [14]. The scanning transmission electron microscope-energy
dispersive spectrometer (STEM-EDS) mapping of Figure 2b,c shows that the nanoscale Cr2N were
found at the ferrite grain boundary.

 
Figure 1. The XRD diagrams of samples processed by different technologies.
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(a) 

 
(b) 

 
(c) 

Figure 2. TEM morphology of the S1 sample (a) TEM bright field image; (b,c) scanning transmission
electron microscope-energy dispersive spectrometer (STEM-EDS) mapping image.

The EBSD inverse pole diagram and phase distribution diagram of samples with different solution
annealing processes are shown in Figure 3. Table 3 shows the proportion of phases and grain size of
samples with different solution annealing processes. As shown in Figure 3, 10% of the σ phase and
88% of the γ2 phase are precipitated from ferrite by eutectoid transformation [16,17]: α→σ + γ2 at
1050 ◦C. In the temperature range of 1100–1200 ◦C, the grain size and the ferrite content increased
gradually, while the austenite content decreased gradually with the increment in solution annealing
temperature. The γ2 phase nucleated only along the recrystallized ferrite grain boundary at 1200 ◦C [18].
The nitrogen content of HDSS powder decreased from 0.36% in powder state to 0.24% in selective laser
melted state [15]. Nitrogen is an austenite-forming element, suggesting that its decrease resulted in
the decrease of the austenite content after solution annealing, and it is not possible to achieve 50-50%
ferrite-austenite ratio due to the nitrogen loss. Figure 4 shows the relationship between nitrogen
content and austenite content of UNS S32707 HDSS simulated by JMatPro software. The simulated
result shows that the decrease in nitrogen content reduced the austenite content by 10%.
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Figure 3. The electron backscatter diffraction (EBSD) diagram of different solution annealing processes
(a–d) inverse pole figure and (e–h) phase distribution figure; (a,e) S2; (b,f) S3; (c,g) S4; (d,h) S5.
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Table 3. The proportion of phases and grain size of samples with different solution annealing processes.

Sample
Number

The Content
of Ferrite

Phase/vol. %

Average
Grain
Size of

Ferrite/μm

The Content
of Austenite
Phase/vol. %

Average
Grain
Size of

Austenite/μm

The Content
of Sigma

Phase/vol. %

Average
Grain Size
of Sigma
Phase/μm

S1 98.5 3.68 0.2 1.66 - -
S2 1.6 1.24 88.4 2.27 10.0 1.08
S3 59.5 4.21 40.5 2.80 - -
S4 61.4 5.72 38.6 3.96 - -
S5 63.4 7.58 36.6 5.25 - -

Figure 4. The relationship between nitrogen content and austenite content of UNS S32707 HDSS
simulated by JMatPro software.

3.2. Mechanical Properties

Table 4 shows the mechanical properties of specimens processed with different conditions. The S1
specimen has high strength, hardness and relative density, relatively low ductility and toughness [15].
The strength and ductility of the S2 samples decrease rapidly due to the precipitation of the σ phases.
In the temperature range of 1100–1200 ◦C, the strength and hardness decreased gradually while the
elongation and section shrinkage increased gradually due to recrystallization and grain growth with
the increase of solution annealing temperature. Lastly, the table also shows that the sample solution
treated at 1150◦C for one hour had better comprehensive mechanical properties compared to the
others. Figure 5 is the tensile fracture and impact fracture morphology of the S4 specimen, which is
characterized by ductile fracture. There are some pores in the parts prepared by SLM with relative
density of 98.2%. The laser energy density, laser scanning strategy, and powder properties will affect
relative density. In order to obtain fully compact parts, further densification by hot isostatic pressing
can further improve the mechanical properties. Therefore, it is understandable that the mechanical
properties prepared by SLM are lower than that of welded and seamless pipe required in ASTM
A790 standard.
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Table 4. The mechanical properties of specimens processed under different conditions.

Sample
Number

Tensile
Strength/MPa

Yield
Strength/MPa

Elongation/%
Section

Shrinkage/%

Impact
Absorbing

Energy/J
Hardness/HV

S1 1493 ± 6 1391 ± 9 13.2 ± 1 24.1 ± 3 18 ± 3 528.7 ± 4
S2 593 ± 20 - - - - 523.8 ± 8
S3 941 ± 10 665 ± 7 24.6 ± 2 25.8 ± 3 - 321.8 ± 7
S4 901 ± 4 658 ± 10 36.4 ± 2 48.4 ± 2 132 ± 5 291.5 ± 6
S5 893 ± 1 646 ± 3 38.7 ± 2 52.6 ± 3 - 286.7 ± 5
S6 851 ± 7 614 ± 10 29.2 ± 2 59.4 ± 3 128 ± 6 285.4 ± 4
S7 920 (min) 700 (min) 25 (min) - - 34 HRC (max)

(a) (b) 

Figure 5. The fracture morphology of the S4 specimen (a) tensile fracture; (b) impact fracture.

3.3. Corrosion Resistance

Figure 6 shows the potentiodynamic polarization curve of samples processed with different
conditions. The results of electrochemical experiments are shown in Table 5. Table 5 shows that
the pitting potential of the S3 sample solution treated at 1100 ◦C for one hour was relatively higher
(1196 mV) compared to the others. The ratio of α to γ of the S3 sample was 59.5:40.5. This suggests
that good phase arrangement gave the material better pitting resistance. Table 5 also shows that the
pitting potential of the S2 sample with σ phase precipitation is the lowest (1055 mV). Zhang et al. [19]
studied the transformation mechanisms of the σ phase in UNS S32707aged at nose temperature, the σ

phase preferentially formed along the α/α and α/γ phase boundaries and then penetrated into α phase,
resulting from the eutectoid reaction α→ γ2 + σ. Meanwhile, a few σ phases nucleated at the γ/γ

phase boundaries. The precipitation of the σ phase in S2 may have led to poor Cr at α/α, α/γ, γ/γ, α/σ,
and γ/σ phase boundaries, which resulted in decreased pitting resistance. Figure 7 shows the EDS
spectrum of the α and γ phases in the S3 sample. The element distribution of the α and γ phases is
shown in Table 6. In the α phase, Cr, Mo, and other α-forming elements were enriched. In the γ phase,
the γ-forming element of Ni was enriched. The results of references [20,21] show that the solubility of
nitrogen in ferrite is generally less than 0.05%. The ratio of α to γ of the S3 sample was 59.5:40.5. It can
be estimated that the nitrogen content of ferrite and austenite in the S3 sample is 0.05% and 0.52%,
respectively. The PREN (PREN =mass% Cr + 3.3 mass% Mo + 16 mass% N) of α and γ were 50.7 and
50.6, respectively. The pitting potential of the S4 and S5 samples is very close and difficult to distinguish.
Figure 6 shows that the S4 sample presents a notable re-passivation process after its breakdown with
the increment of the potential from 0.6 to 1.0 VSCE, while S5 shows a relatively higher dissolve rate
with the increased potential from 0.6 to 1.1 VSCE. This indicates that the passive films of the S4 sample
are much more stable than that of S5. Zheng et al. [22] found that more grain boundaries due to grain
refinement could improve the chromium diffusion and promoted to the forming of compact passive
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film for the duplex stainless steel. In this study, the grain size of the S4 sample is smaller than that of
S5, which is beneficial to the corrosion resistance of S4 with the refined grain size.

Figure 6. The potentiodynamic polarization curve of samples processed with different conditions.

Table 5. The results of electrochemical experiments.

Sample Number Pitting Potential/mV

S1 1109
S2 1055
S3 1196
S4 1109
S5 1109

 
Figure 7. The EDS spectra of the S3 sample.

Table 6. The element distribution of the α and γ phases (mass%).

Phase Fe Cr Ni Mo N

α 58.51 29.96 5.49 6.04 0.05
γ 59.41 25.81 9.78 5.00 0.52

Figure 8 shows the full spectrum of XPS on the surface of the S3 sample after solution annealing
at different sputtering depths. As shown in Figure 8a, C, O, N, Fe, and Cr were notable, while Mo and
Ni were weak before sputtering. Furthermore, Figure 8 shows that the surface of the passivation film
is mainly composed of compounds formed by Fe, Cr, N, and O. As shown in Figure 8b,c, the intensity
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of C1s peak decreases greatly after sputtering, which indicate that the C peak in Figure 8a comes from
the contamination of the vacuum chamber. The decrease of N1s peak indicates that N was mainly
concentrated on the surface of the passive film. The strong peaks at the positions of Fe2p and Ni2p
indicate that Fe and Ni elements mainly existed in the interior of the passive film. Lastly, Figure 8 also
shows that the XPS spectra of the samples remain after different sputtering depths (1 nm and 2 nm),
indicating that the chemical composition of the passivation film was relatively stable in the thickness
of 1 nm to 2 nm.

 
(a) (b) 

 
(c) 

Figure 8. XPS full spectrum of the S3 sample after solution annealing with different sputtering depths
(a) 0 nm; (b) 1 nm; (c) 2 nm.

Figure 9 shows the result of the high-resolution XPS spectrum of O1s at different sputtering depths
by PeakFit. As shown in Figure 9a, XPS spectra of O1s had three peaks before sputtering, corresponding
to binding energies 529.5, 531.3, and 533.1 eV, respectively. According to the binding energy values
of O1s reported by Wang et al. [23], the first peak is the characteristic peak of M-O compound,
corresponding to O2−, the second peak is the characteristic peak of M-(OH) or M-(OH)2 compound,
corresponding to OH−, and the third peak is the characteristic peak of H2O. The characteristic peak
of 533.1 eV disappeared after sputtering, indicating that the water on the surface of the passivation
film came from residual water on the electrode surface. From Figure 9b,c, it can be seen that the
O1s high-resolution spectra of sputtered samples only had a characteristic peak of O2− after spectral
analysis, which indicates that oxygen in the passive films mainly exists in the form of oxides.
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(a) (b) 

 
(c) 

Figure 9. Narrow XPS of O1s with different sputtering depths (a) 0 nm; (b) 1 nm; (c) 2 nm.

Figure 10 shows the high resolution XPS spectra of Mo3d5/2 and N1s with different sputtering
depths. Mo mainly exists in the form of Mo4

2− with a corresponding binding energy of 231.8 eV before
sputtering. When sputtering depth is 1 and 2 nm, Mo mainly exists in MoO2 form with a corresponding
binding energy of 231.2 eV. N mainly exists in the form of NH4

+ with a corresponding binding energy
of 399.8 eV before sputtering. When the sputtering depth is 2 nm, the peak of NH4

+ disappears and N
exists in the form of Cr2N with a corresponding binding energy of 397.5 eV.

 
(a) (b) 

Figure 10. The high resolution XPS spectra of Mo3d5/2 (a) and N1s (b) at different sputtering depths.

4. Conclusions

This study has shown that UNS S32707 HDSS prepared by the SLM process can obtain a nearly
balanced two-phase structure of ferrite and austenite through the appropriate solution annealing
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process, which can significantly improve the ductility and toughness. The nitrogen content reduced
by 33% in the SLM process, resulting in the imbalance of the two phases and the reduction of the
austenite content. The samples with solution treated at 1150 ◦C for one hour had better comprehensive
mechanical properties, the measured tensile strength, the yield strength, the elongation, the section
shrinkage, the microhardness, and the impact absorption energy were 901 MPa, 658 MPa, 36.4%, 48.4%,
291.5 HV, and 132 J, respectively.

The samples with solution treated at 1100◦C for one hour had better pitting resistance. The pitting
potential was 1196 mV. The surface layer of passive film is mainly composed of oxides of Fe and Cr
and hydroxide compounds. NH4

+ adsorbed on the surface of passive film and protected the passive
film. The inner layer of the passive film is mainly composed of metal elements, Cr2N and oxides of Fe,
Cr, and Mo.
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Abstract: The preparation of refractory tungsten and tungsten alloys has always been challenging
due to their inherent properties. Selective laser melting (SLM) offers a choice for preparing tungsten
and tungsten alloys. In this work, 90W-7Ni-3Fe samples were prepared by selective laser melting
and investigated. Different process parameter combinations were designed according to the Taguchi
method, and volumetric energy density (VED) was defined. Subsequently, the effects of process
parameters on densification, phase composition, microstructure, tensile properties, and microhardness
were investigated. Nearly a full densification sample (≥99%) was obtained under optimized process
parameters, and the value of VED was no less than 300 J/mm3. Laser power had a dominant influence
on densification behavior compared with other parameters. The main phases of 90W-7Ni-3Fe
are W and γ-(Ni-Fe), dissolved with partial W. In addition, 90W-7Ni-3Fe showed a high tensile
strength (UTS = 1121 MPa) with poor elongation (<1%). A high average microhardness (>400 HV0.3)
was obtained, but the microhardness presented a fluctuation along building direction due to the
inhomogeneous microstructure.

Keywords: selective laser melting; 90W-7Ni-3Fe; densification; microstructure; properties

1. Introduction

Tungsten heavy alloys (WHA) have been used in many fields, including aerospace, defense,
military, nuclear, electronics, and marine industries, due to their high melting point and density, excellent
thermal conductivity, low thermal expansion, good corrosion resistance, and superior comprehensive
properties at high temperatures [1,2]. They have also been proven to be ideal facing-plasma materials
in the nuclear industry [3,4]. The 90W-7Ni-3Fe allow, a typical tungsten heavy alloy, which consists of
tungsten (90 wt.%), Nickel (7 wt.%) and Iron (3 wt.%), possesses good mechanical properties due to
the addition of Ni and Fe, while retaining high-density. In addition, Ni and Fe play a key role in the
suppression of cracks in the fabrication of tungsten because of the nature of the brittleness of tungsten at
room temperature [5]. Traditionally, 90W-7Ni-3Fe is processed by solid and liquid sintering. A mixture
of tungsten, nickel, and iron powder was prepared and then sintered at a certain temperature, such as
1400 ◦C, for a fixed time in a vacuum or inert gas atmosphere [6,7]. Usually, sintered samples need to
be treated by isostatic pressing or other heat treatments to reduce their porosity and avoid hydrogen
embrittlement [8–10]. However, it is difficult, or even impossible, to obtain complex components
of a tungsten heavy alloy by conventional processes. Thus, additive manufacturing (AM) may be
an alternative manufacturing process for high melting point refractory metals, such as tungsten and
its alloys.

Selective laser melting (SLM), as a metal additive manufacturing technology, has been proven to
be a promising technology in the high-accuracy and integrated fabrication of metallic components.
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SLM employs a high-energy laser beam to melt metallic powder layer by layer, according to 2D slice
data. SLM is a multidisciplinary cross-technology involving mechanical engineering, material science,
optics, software, and has attracted much attention from many fields. Deprez et al. [11] produced
a complex high-density tungsten collimator. The produced collimator was geometrically accurate,
and the tested values of sensitivity and resolution were close to the expected results of the CAD design.
The relative density of the SLM pure tungsten prepared by Zhang et al. [12] reached 82%, who found
the formation of nanocrystalline in the tungsten samples fabricated by SLM. Zhou et al. [13] analyzed
the balling phenomena in the process of SLM-tungsten and proposed a competitive mechanism of
spreading and solidification to explain the balling phenomena. Enneti et al. [14] investigated the effects
of scan speed and hatch spacing on the relative density of SLM pure tungsten, but the highest relative
density was only 75%. The relative density of the SLM tungsten prepared by Wen et al. [15] reached
98.7%, and they studied the effects of process parameters on the surface morphology, microstructure,
and properties of SLM pure tungsten. Similarly, Tan et al. [16] also obtained SLM tungsten with
a relative density of 98.5% and analyzed the effects of different laser powers and scan speeds on
the SLM’s surface morphology, microstructure, and properties. All the previous studies on SLM
tungsten indicated that the crack phenomenon was inevitable due to the inherent brittle nature of
tungsten [17–19]. Therefore, several measures of crack-suppression for SLM pure tungsten were
adopted and reported by Li et al. [20] and Iveković et al. [21]. Their results showed that the addition of
secondary-phase nanoparticles or Tantalum could reduce cracks in the process of SLM pure tungsten,
but a crack-free sample was still not available. In addition, the addition of low-melting-point metals
might be beneficial to the fabrication of crack-free tungsten alloy components. Li et al. [22] investigated
the fabrication of W-10Cu by SLM and obtained an optimized combination of laser power and
scan speed. Their results showed that the forming mechanism of SLM W-10Cu was liquid phase
sintering. Iveković et al. [23] obtained a 90W-7Ni-3Fe sample with a high relative density (>95%).
Their results indicated that the high densification of 90W-7Ni-3Fe samples required a high energy
density. In addition, they observed three major binding mechanisms: liquid phase sintering, partial
melting, and complete melting. Preheating contributes to complete melting. After heat treatment,
the tensile strength decreased slightly, but the elongation was significantly improved. Li et al. [24]
studied the effect of process parameters on the densification and microstructure of 90W-7Ni-3Fe in SLM.
They found that a lower scan speed, narrower scan interval, and thinner layer thickness can improve
the densification process. Similar findings were also reported by Zhang et al. [25], who established
an effective 3D model based on finite element analysis theory and temperature distributions under
different process parameters. As mentioned above, tungsten and its alloys are of interest to researchers,
but SLM 90W-7Ni-3Fe has been rarely discussed.

In this work, 90W-7Ni-3Fe samples were formed by SLM. The influences of the process parameters
on the densification, phase constitution, and microhardness of the 90W-7Ni-3Fe samples were discussed.
In addition, the microstructure and tensile properties of the 90W-7Ni-3Fe samples fabricated by SLM
were investigated and discussed.

2. Materials and Methods

2.1. Experimental Equipment and Preparation

All experiments were carried out with an SLM 280 HL (SLM solutions, Germany), equipped
with two 400 W Nd: YAG lasers. Figure 1a depicts the schematic diagram of SLM 280 HL. SLM 280
HL has two kinds of substrates: 250 mm × 250 mm and 100 mm × 100 mm. A small substrate was
utilized in this work. During the process of SLM, tungsten heavy alloy powder particles fell from
the powder container under gravity, and then the fallen powder particles were evenly spread on the
substrate under the action of a powder scraper. The bi-directional movement of the powder scraper
was adopted for the sake of enhancing the building efficiency. All samples with a size of 10 mm ×
10 mm × 5 mm were prepared on a 304 stainless steel substrate, which was preheated at 150 ◦C in
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order to prevent cracking and warping. In the whole SLM process, the chamber was filled with argon
in order to avoid oxidation, and the content of oxygen was kept below 400 ppm. Figure 1b illustrates
the building process of the SLM tungsten heavy alloy.

Figure 1. (a) Schematic diagram of selective laser melting (SLM) equipment; (b) the building process of
the SLM.

2.2. Powder Material

In this work, four kinds of powders were prepared in the fabrication of the 90W-7Ni-3Fe powder.
Figure 2 illustrates the powder size distribution of the different powders used in this work: pure tungsten
powder (D10= 4.425 μm, D50= 7.211 μm, and D90= 11.729 μm), Fe–Ni alloy powder (D10 = 11.420 μm,
D50 = 16.478 μm, and D90 = 23.620 μm), nickel powder (D10 = 10.794 μm, D50 = 16.492 μm, and D90
= 24.961 μm), and sub-micro nickel powder (D10 = 0.932 μm, D50 = 1.968 μm, and D90 = 4.002 μm).
Considering that the powders had different densities, the average particle size of the tungsten powder
was smaller than that of the nickel powder and Fe–Ni alloy, so a relatively uniform powder layer
distribution could be obtained. Submicron nickel powder was used to adjust the nickel content in
the 90W-7Ni-3Fe alloy. Powders were mixed in a general powder mixer (AM300S-H) under an argon
atmosphere was used for 0.5 h to obtain 90W-7Ni-3Fe powder. Figure 3 depicts the morphology of the
mixed 90W-7Ni-3Fe powder. It can be observed that the shape of the powder particles was not changed
and kept good sphericity. Thus, the 90W-7Ni-3Fe powder had good fluidity, and a uniform and suitable
a powder layer could be obtained. Furthermore, fine powder particles adhered to larger particles
without falling off (Figure 3b), and the adhesion contributed to the powder’s spread and uniformity.
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Figure 2. The distribution of Four kinds of powder sizes. (a) Pure tungsten powder; (b) nickel powder;
(c) Fe-Ni alloy powder; (d) submicron nickel powder.

Figure 3. Morphology of the 90W-7Ni-3Fe powder. (a) Low magnification; (b) high magnification.

2.3. Process Parameters and Conditions

The process parameters used in this work are listed in Table 1. The parameters included four
levels of laser power, scan speed, and hatching distance. The powder layer thickness was kept at 30 μm.
Various combinations of process parameters were obtained according to the Taguchi experimental
design method (Table 2). The scan strategy used in this experiment and building direction is illustrated
in Figure 4a. The scan strategy was rotated by 67◦ between adjacent layers in order to reduce residual
stress during the process of SLM. The 90W-7Ni-3Fe alloy samples with dimensions of 10 mm × 10 mm
× 5 mm were prepared (Figure 4b). Based on consideration of the combined effect of the process
parameters, the volumetric energy density (VED) is as follows:

VED =
LP

SS×HD× LT
, (1)

where LP is laser power, SS is scan speed, HD is hatching distance, and LT is layer thickness.

108



Metals 2019, 9, 884

Table 1. Process parameters used in this work.

Process Parameter/Unit Value

Laser power, LP/W 200, 250, 300, 350
Scan speed, SS/(mm/s) 150, 200, 250, 300

Hatching distance, HD/mm 0.075, 0.09, 0.105, 0.12
Layer thickness, LT/mm 0.03

Table 2. Process parameter combinations and the value of the volumetric energy density (VED).

NO. LP/W SS/(mm/s) HD/mm VED/(J/mm3)

1 200 150 0.075 592.59
2 200 200 0.09 370.37
3 200 250 0.105 253.97
4 200 300 0.12 185.19
5 250 150 0.09 617.28
6 250 200 0.105 396.83
7 250 250 0.12 277.78
8 250 300 0.075 370.37
9 300 150 0.105 634.92
10 300 200 0.12 416.47
11 300 250 0.09 533.33
12 300 300 0.075 370.37
13 350 150 0.12 648.15
14 350 200 0.09 777.78
15 350 250 0.075 518.52
16 350 300 0.105 370.37

Figure 4. (a) Scan strategy used in this experiment; (b) 90W-7Ni-3Fe samples fabricated by the designed
process parameters.

2.4. Characterization and Test

All the samples were removed from the substrate by wire electrical discharge machining (WEDM).
Then, the samples were cleaned with an ultrasonic cleaning machine and dried. After that, the dried
samples were ground gradually with sandpaper of different grits, 280#, 400#, 600#, 800#, 1000#, 1200#,
1500# and 2000#. Subsequently, the samples were polished using a diamond suspension of 2.5 and 0.5.

In this work, the theoretical density ρT of 90W-7Ni-3Fe can be calculated as [26]

100
ρT

=
∑ Wi
ρi

, (2)

where Wi and ρi are the mass fraction and the theoretical density of the ith alloy element, respectively.
The theoretical density of W, Ni, and Fe are 19.3 g/cm3, 8.9 g/cm3, and 7.9 g/cm3, respectively [27].
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According to the Archimedes method, the actual density can be calculated as follows:

ρa =
M0

M2 −M1
× ρ0, (3)

where M0 is the mass of sample in the air, M1 and M2 are the indications of the balance before and
after the sample is placed in the beaker containing water, and ρ0 is the density of water.

Relative density ρRD is calculated as follows:

ρRD =
ρa

ρT
× 100%, (4)

The transverse and vertical morphology of the samples (Figure 5a) were observed under an optical
microscope (OM, Nikon MA 200) in order to analyze the defects’ characteristics and distribution.
The transverse section of the sample was etched with a mixture solution of 10 g KOH: 10 g K3

[Fe(CN)6]:100 mL H2O to ensure a clear microstructure. The microstructure was also characterized by
an optical microscope (OM, Nikon MA 200). For a better analysis of the microstructure, a scanning
electron microscope (SEM, S-4800, Hitachi, Tokyo, Japan) was used, and an energy-dispersive
spectrometer (EDS) was adopted for analysis of the element distribution. The phase composition of the
sample was tested by an X-ray diffractometer (XRD, Advanced D8, Bruker, Billerica, MA, USA) with a
Cu Kα radiation at 40 KV and 40 mA in a 2θ range of 30◦–90◦ by using a step size of 0.02◦. Tensile
property tests were performed at room temperature using an Instron550R at a constant tensile rate
of 1 mm/min. The tensile specimen is illustrated in Figure 5b. The microhardness of the transverse
morphology was measured by using a digital microhardness measurement system (MH5) with a load
of 0.3 kg and a dwell time of 15 s. Five points were taken at an interval of 0.5 mm along the building
direction for all selected samples fabricated under different VEDs.

Figure 5. (a) Illustration diagram of sample direction; (b) dimensions of tensile sample.

3. Results and Discussion

3.1. Densification Analysis

Being porosity-free is of importance to the mechanical properties of the final products. Thus, it is
necessary to investigate the effects of the process parameters on the formation of defects in order to
obtain high relative density parts. In this section, the relationships between the relative density and
process parameters are analyzed. Figure 6 shows the variation of the relative density with different
volumetric energy densities. With an increase of VED, the relative density first became higher and
tended to be stable. The relative density of the final samples fabricated in this work can were nearly
100% free from cracks. Figure 7 depicts the actual transverse morphology of the samples obtained
under different VEDs. With an increase in the value of the VED, the number of defects in the samples
gradually decreased. When the input of the VED was insufficient, the low-melting-point metals (Ni/Fe)
were melted, and the liquid phase was formed. The un-melted tungsten particle gaps were filled
with the liquid phase. However, a low VED indicated a combination of a low laser power (200 W)
and a high scan speed (300 mm/s). This result implies that the residence time of the formed liquid
phase was too short to fully fill the gaps, so irregular defects were formed, as shown in Figure 8a.

110



Metals 2019, 9, 884

Poor densification was caused by inadequate liquid phase content or a short residence time under the
processing conditions. Figure 8b presents the high-magnification transverse morphology of the samples
fabricated with a high VED. Nearly full densification could be obtained under the process parameters.

Figure 6. Variation of the relative density with the volumetric energy density. The inserted figure
shows the different transverse morphologies corresponding to the VEDs.

Figure 7. The transverse morphologies of different VEDs. (a) 185.19 J/mm3; (b) 277.78 J/mm3;
(c) 396.83 J/mm3; (d) 518.52 J/mm3; (e) 592.60 J/mm3; (f) 617.28 J/mm3; (g) 634.92 J/mm3; (h) 648.15 J/mm3;
(i) 777.78 J/mm3.

111



Metals 2019, 9, 884

Figure 8. Transverse morphology with a high magnification. (a) 253.97 J/mm3; (b) 648.15 J/mm3.

The pores were nearly fully filled with the formed liquid phase. A combination of high laser
power (350 W) and low scan speed (150 mm/s) produced a longer residence time for the liquid phase.
Therefore, the best rearrangement characteristics for the tungsten powder particles were observed
under the capillary force of liquid, and the densification of samples was improved. When the laser
power was 350 W, the viscosity of the formed molten pool decreased, and partial tungsten powder
particles could be melted. In this way, an adequate liquid phase and better fluidity for the molten pool
were obtained, and the densification process of the samples could be completed.

It can also be seen that under the same VED, there are different relative densities corresponding
to distinct transverse morphologies, as shown in Figure 9. This phenomenon could be ascribed to
the varying process parameter combinations and similar results of other materials that have been
reported [28,29]. Here, the signal-to-noise (S/N) ratio of Taguchi’s method was used to compare the
effect of every process parameter on the relative density, which means the sensitivity of the relative
density to the selected process parameters. In general, the signal-to-noise ratio in Taguchi’s method can
be classified into three categories: “lower is better”, “nominal is best”, and “higher is better”. In this
study, the highest relative density for the sample was expected. Thus, the “higher is better” category
was adopted, which can be calculated as follows [30]:

S
N

= −10 log

⎛⎜⎜⎜⎜⎜⎝1
n

n∑
1

1
y2

i

⎞⎟⎟⎟⎟⎟⎠, (5)

where n is the number of experiments and yi is the tested data of relative density for the ith sample.

Figure 9. Transverse morphology of the same VED (370.37 J/mm3).
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With the tested data for the relative density under different combinations of process parameters,
the calculated results for the S/N ratios are presented in Figure 10 and Table 3. It can be seen that
the laser power was identified as the most important factor influencing the final relative density of
the samples. The scan speed had a relatively insignificant effect on relative density, and the hatching
distance showed the least significant effects among all the selected process parameters. Therefore,
the sensitivity of the relative density to the three process parameters decreased according to the
following order: laser power > scan speed > hatching distance. This result is consistent with previous
results and could be ascribed to the special thermophysical properties of tungsten and tungsten heavy
alloys [31].

Figure 10. Main effect plots of signal-to-noise (S/N).

Table 3. Response for the signal-to-noise (S/N).

Levels 1 2 3 4 Delta Rank

Laser power/W 39.18 39.75 39.89 39.91 0.73 1
Scan speed/(mm/s) 39.94 39.69 39.61 39.49 0.45 2
Hatch distance/mm 39.86 39.76 39.60 39.51 0.35 3

In this section, the nearly full densification of the 90W-7Ni-3Fe sample fabricated by SLM was
realized. The densification behaviors under different process parameters were analyzed and discussed.
Laser power is a dominant factor in the SLM process of the 90W-7Ni-3Fe samples. For the 90W-7Ni-3Fe
sample with a high relative density in SLM, a higher laser power (≥250 W) was preferred, and the
value of volumetric energy density had to be no less than 300 J/mm3. The morphology of the
90W-7Ni-3Fe sample presented similar sintering, characteristic in traditional powder metallurgy [32].
The microstructure is mainly composed of a refractory tungsten particle skeleton and a liquid phase
formed by low-melting-point metals (Ni/Fe).

3.2. Phase Identification and Microstructure

The XRD patterns of the 90W-7Ni-3Fe samples processed using different volumetric energy
densities are shown in Figure 11. The main phases of the 90W-7Ni-3Fe samples fabricated by SLM were
W and Ni-Fe solid solution phases, although the volumetric energy density varied from 185.19 J/mm3

to 777.78 J/mm3. There seems to have been no significant difference in the phase composition among
the samples obtained under different volumetric energy densities. This means that low-melting-point
metals (Ni/Fe) still melted, even under low volumetric energy densities.
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Figure 11. The XRD pattern of different VED.

Figure 12a shows the typical SEM morphology of the 90W-7Ni-3Fe sample fabricated by SLM.
Many tungsten particles were distributed in the matrix. The gaps between the tungsten particles were
filled with liquid phases formed by low-melting-point metals (Ni/Fe). In addition, partial tungsten
particles were contacted under the driving force of the liquid phase during the processes of melting and
solidification. Fine tungsten grains can also be found in Figure 12a. The microstructural region can be
divided into three main regions: the W particle phase, the fine W dendrite region, and the Ni–Fe matrix
region with dissolved W. Scanning electron microscope (SEM) and energy-dispersive spectrometer
(EDS) analyses were performed in order to further observe the microstructural constitution and confirm
whether the tungsten element had been dissolved into the matrix. EDS analysis results (Figures 12b
and 13a) confirmed that the particles were nearly composed of 100% W with little Ni and Fe. EDS
analysis results of the Ni–Fe matrix indicated that partial tungsten had been dissolved into the matrix
(Figure 13b). This phenomenon could be ascribed to the different solubilities of W, Ni, and Fe in
W-Ni-Fe systems. Tungsten has a high solubility in the Ni/Fe matrix, but the solubility of Ni and
Fe in tungsten is practically negligible. Moreover, fine W dendrites formed in the matrix when W
particles were partially melted and W particles acted as heterogenous nucleation sites. Similar tungsten
dendrites were also observed in the WHA samples fabricated by SLM [33,34].

Figure 12. (a) The microstructure of 90W-7Ni-3Fe under VED = 518.52 J/mm3; (b) element distribution.
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Figure 13. Energy-dispersive spectrometer (EDS) element analysis. (a) Point A; (b) point B.

3.3. Mechanical Properties

3.3.1. Tensile Properties

The tensile sample was fabricated using the optimized process parameters (RD ≥ 99%) and
tensile properties of 90W-7Ni-3Fe were investigated. Figure 14 depicts the tensile stress–strain curve
of SLM-built 97W-7Ni-3Fe. The ultimate tensile strength (UTS) was 1121 MPa when there was no
significant yield platform. The tensile fracture surface was characterized (Figure 15) and analyzed
in order to illustrate the tensile fracture mode. In general, for WHA, there exist four kinds of
fracture modes: matrix failure, W cleavage, a W–W inter granular fracture, and W-matrix interfacial
separation [35]. The coexistence of these four fracture modes is common in tungsten alloys, and the
tensile properties of the WHA are determined by the proportion of four fracture modes. From
Figure 15a, the W–W inter granular fracture and W-matrix interfacial separation can be found; few (and
shallow) dimples and W cleavage are shown in Figure 15b. Therefore, the 90W-7Ni-3Fe tensile samples
fabricated by SLM in this work have the characteristic of brittle fracture. Table 4 lists and compares the
tensile properties of the 90W-7Ni-3Fe samples in this study and previous studies. The 90W-7Ni-3Fe
fabricated in this work presented a higher tensile strength but a similarly poor elongation. Therefore,
in order to obtain the comprehensive mechanical properties, and realize the balance between tensile
strength and elongation, subsequent heat treatments might be required. Appropriate heat treatments
for these SLM-built WHA samples will be investigated in our future work. In addition, the mechanical
behavior of samples could be affected by the building direction in SLM [36]. Thus, the relationship
between 90W-7Ni-3Fe mechanical properties and building direction will also be discussed in our
future work.

Figure 14. The tensile properties of 90W-7Ni-3Fe fabricated by SLM.
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Figure 15. Tensile fracture morphology of 90W-7Ni-3Fe fabricated by SLM. (a) Low magnification;
(b) high magnification of zone A (a).

Table 4. Comparison of the tensile properties of 90W-7Ni-3Fe between this work and the
published results.

Processing Methods UTS/MPa Elongation/% Source

Selective laser melting, SLM 1121 MPa <1% This work
Selective laser melting, SLM 871 MPa <1% [23]
Liquid phase sintering, LPS ~1000 MPa ~30% [10]

3.3.2. Microhardness

Microhardness along the building direction of the sample was measured under the selected process
parameter combinations. Figure 16a shows the microhardness distribution of the samples obtained
under different volumetric energy densities at five points. The microhardness of the 90W-7Ni-3Fe
samples fabricated by SLM presented an apparent fluctuation at every VED. This phenomenon
might be ascribed to the inhomogeneous microstructure in the 90W-7Ni-3Fe samples (Figure 12).
The average microhardness values of the 90W-7Ni-3Fe samples under different VEDs are shown in
Figure 16b. The average microhardness was 406.83HV0.3 when the VED was 253.97 J/mm3, and the
average microhardness increased to 467.46HV0.3 when the VED was 777.78 J/mm3. The average
microhardness slightly increased with the increase of VED. This result could be explained by the nearly
full density of the sample and the fine grains mentioned above. Compared to the result shown in
Figure 17b, pores and irregular defects can be found in Figure 17a, which lead to a slight decrease of
the average microhardness.

Figure 16. Microhardness under different VEDs. (a) Microhardness of each point;
(b) average microhardness.
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Figure 17. Vertical morphology of the 90W-7Ni-3Fe under different VEDs. (a) 253.97 J/mm3;
(b) 518.52 J/mm3.

4. Conclusions

The densification behavior, phase composition, microstructure, tensile properties,
and microhardness of 90W-7Ni-3Fe samples fabricated by SLM were investigated in this work.
The main conclusions can be drawn as follows:

(1) Nearly a full densification (≥99%) of the tungsten heavy alloy (WHA) sample was obtained by
SLM. With the increase of VED, the relative density of WHA increased significantly. The value
of VED should be no less than 300 J/mm3, so that the high relative density of the 90W-7Ni-3Fe
components could be obtained. Among the three influencing factors, laser power had the most
significant effect on the relative density, and a higher laser power (≥250 W) was preferred.
The forming mechanism in this work presented a liquid phase sintering characteristic, which was
similar to that in traditional powder metallurgy.

(2) The typical microstructure of WHA was composed of a tungsten particle phase and a γ-(Ni-Fe)
matrix phase with dissolved tungsten. Three main regions can be found, including the tungsten
particle phase, the fine tungsten dendrite region, and the Ni-Fe matrix region with dissolved
W. The tungsten particle gaps were fully filled with the liquid phase, which contributed to the
densification behavior. Fine W dendrites formed due to rapid melting and solidification in the
process of SLM, and un-melted tungsten particles acted as a heterogenous nucleation site.

(3) The high tensile strength (UTS = 1121 MPa) of WHA was obtained in this work. Compared with
traditional liquid phase sintering, SLM realized a significant enhancement of tensile strength but
poor elongation. In addition, all samples under different VEDs presented a high microhardness,
and the microhardness showed a slight increase with an increase of VED. Microhardness fluctuated
along the building direction of the samples. This fluctuation was caused by building defects and
an uneven microstructure.
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32. Erol, M.; Erdoğan, M.; Karakaya, İ. Effects of fabrication method on initial powder characteristics and liquid
phase sintering behaviour of tungsten. Int. J. Refract. Met. Hard Mat. 2018, 77, 82–89. [CrossRef]

33. Zhang, D.Q.; Liu, Z.H.; Cai, Q.Z.; Liu, J.H.; Chua, C.K. Influence of Ni content on microstructure of W–Ni
alloy produced by selective laser melting. Int. J. Refract. Met. Hard Mat. 2014, 45, 15–22. [CrossRef]

34. Wang, M.; Li, R.; Yuan, T.; Chen, C.; Zhang, M.; Weng, Q.; Yuan, J. Selective laser melting of W-Ni-Cu
composite powder: Densification, microstructure evolution and nano-crystalline formation. Int. J. Refract.
Met. Hard Mat. 2018, 70, 9–18. [CrossRef]

35. Liu, W.; Ma, Y.; Zhang, J. Properties and microstructural evolution of W-Ni-Fe alloy via microwave sintering.
Int. J. Refract. Met. Hard Mat. 2012, 35, 138–142. [CrossRef]

36. Hitzler, L.; Janousch, C.; Schanz, J.; Merkel, M.; Heine, B.; Mack, F.; Öchsner, A. Direction and location
dependency of selective laser melted AlSi10Mg specimens. J. Mater. Process Tech. 2017, 243, 48–61. [CrossRef]

© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

119





metals

Article

Particle Erosion Induced Phase Transformation of
Different Matrix Microstructures of Powder Bed
Fusion Ti-6Al-4V Alloy Flakes

Jun-Ren Zhao, Fei-Yi Hung * and Truan-Sheng Lui

Department of Materials Science and Engineering, National Cheng Kung University, Tainan 701, Taiwan
* Correspondence: fyhung@mail.ncku.edu.tw; Tel.: +886-6-275-7575 (ext. 62950)

Received: 9 June 2019; Accepted: 26 June 2019; Published: 28 June 2019

Abstract: In this study, powder bed fusion Ti-6Al-4V alloy flake was subjected to heat treatment
at 800 ◦C for 4 h for inducing the complete transformation of the α’ phase into the α+β phases.
An erosion experiment with 450 μm mean particle diameter of Al2O3 particles at a 90◦ impact on
both the as- powder bed fusion (PBF) Ti-6Al-4V and the 4-h 800 ◦C heat-treated specimens to clarify
the particle erosion-induced phase transformation behavior and its effect on mechanical properties.
Particle erosion-induced phase transformation to the α phase was observed on both the as-PBF
Ti-6Al-4V and the heat-treated specimens. It brought about a sequential formation from the surface
to the bottom: (1) a surface softened zone, (2) a hardened zone, and (3) a hardness stabilization zone.
The as-PBF Ti-6Al-4V was positively eroded by erosion particles, decreasing strength and ductility.
In the case of the heat-treated specimens, we found decreased strength yet an increased ductility.

Keywords: powder bed fusion (PBF); Ti-6Al-4V; erosion; phase transformation; tensile

1. Introduction

Titanium alloys are widely applied in environments susceptible to erosion, including blades,
turbines, and desalination pipeline [1]. Among them, Ti-6Al-4V is the most representative among the
α + β titanium alloys [2,3], which possesses excellent specific strength, fracture toughness, corrosion
resistance, and bio-compatibility [4]. However, its low thermal conductivity and high reactivity
features, which result in its poor machinability characteristics, make it difficult to undertake further
exploitation [5]. In addition, specific heat treatment operations are generally required due to the heat
hardening phenomena during the cutting process. Additive manufacturing (AM) technology possesses
great characteristics as a new manufacturing technique that is able to lower the cost and reduce energy
consumption as well, solving current problems in the fabrication of Ti-6Al-4V and producing a near net
shape component [6–8]. Powder bed fusion (PBF) process which uses metal powders as a raw material
is a type of additive manufacturing (AM) technology. During PBF, metal powders are melted in a
specified area with a high-energy laser beam, then it is rapidly solidified at a high cooling rate [9–13],
resulting in its possessing the martensitic α’ phases, which differs from the classical α + β phase
structure. In the meantime, the phase transformation takes place when the material is heated.

Erosion wear often results in the failure of mechanical devices and components. Therefore,
it is necessary to study the erosion wear phenomenon. However, there are a significant number of
research articles on the mechanical properties of PBF Ti-6Al-4V [14,15], but few on the erosion wear.
And the little research about the wear of titanium alloys, most of them focusing on water droplet
erosion [16–19], not on solid particle erosion. The particle erosion articles had also mainly focused on
erosion resistance [20–22], instead of the particle erosion-induced phase transformation. According to
our previous researches [23,24], particle erosion wear is able to induce phase transformation and affects
the erosion rate. Therefore, we want to clarify the erosion-induced phase transformation mechanism
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and its effect on the tensile mechanical properties in this study. In this part, erosion particles were
used to positively erode the as-PBF Ti-6Al-4V and the heat-treated specimens at a 90◦ impact angle.
The results have significant reference value for relevant industry applications.

2. Experimental Procedure

The PBF process parameters used in this study are shown in Table 1. The specimens were
fabricated by using an EOS M290 400 W machine (EOS, Krailling, Germany) in an inert gas (argon)
atmosphere. The chemical composition values of as-PBF Ti-6Al-4V measured by the Inductively
Coupled Plasma Mass Spectrometry (ICP-MS, THERMO-ELEMENT XR, Alberta, Canada) are shown
in Table 2. The specimens were removed from support by electrical discharge machining (EDM) wire
cutting and did not go through any post-treatment before the implemented tests. The as-PBF Ti-6Al-4V
specimen was labeled AS. The heat-treated specimen was held for 4 h in a tubular furnace in an argon
atmosphere at 800 ◦C and was subjected to air cooling (labeled HT).

Table 1. Process parameters used for the powder bed fusion (PBF) process.

Process parameters Value

Laser power (W) 170

Scanning velocity (mm/s) 800

Layer thickness (μm) 30

Laser radius (μm) 35

Particle size (μm) 15–45

Table 2. PBF Ti-6Al-4V chemical composition (wt.%).

Al V Fe O C N H Ti

6.13 3.80 0.30 0.20 0.08 0.05 0.01 Bal.

The erosion test equipment is shown in Figure 1. We used irregular Al2O3 particles for erosion
test, which had an average particle size of 450 μm. The particle SEM morphology is shown in Figure 2.
The specimens were polished with SiC paper (from #80 to #1000) to remove the oxidized layer and
were soaked in acetone for ultrasonic cleaning before the erosion test. Two hundred grams of the
erosion particles were used under a compressed air flow of 3 kg/cm2 (0.29 MPa). During the erosion
test, the AS and HT specimens were eroded at a 90◦ impact angle to investigate the particle erosion
induced phase transformation phenomenon.

Figure 1. The equipment for particle erosion test. (A: compressed air flow; B: erosion particle (Al2O3

particles) supplier; C: erodent nozzle; D: specimen; E: specimen holder; θ: 90◦ impact angle).
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Figure 2. SEM image of Al2O3 erosion particles morphology and size.

After the erosion test, the specimens were polished with #80 to #4000 SiC paper, placed into
1 and 0.3 μm Al2O3 aqueous solution, and then transferred to a 0.04 μm SiO2 polishing solution.
Finally, they were etched by Keller’s reagent (1 mL HF + 1.5 mL HCL + 2.5 mL HNO3 + 95 mL H2O).
Optical microscopy (OM, OLYMPUS BX41M-LED, Tokyo, Japan) and transmission electron microscopy
(TEM; Tecnai F20 G2, EFI, Hillsboro, OR, USA) were used to examine the subsurface microstructure of
the erosion specimens.

For analyzing the structural difference between AS and HT specimens before and after erosion,
X-ray diffractometry (XRD, Bruker AXS GmbH, Karlsruhe, Germany) was used. To analyze the
hardness distribution along the longitudinal direction after the erosion, the hardness measurements
were evaluated by the Vickers hardness test (Shimadzu HMV-2000L, SHIMADZU, Kyoto, Japan).

The dimensions of the PBF Ti-6Al-4V tensile specimen are shown in Figure 3. The normal direction
(ND) of the specimen was set parallel to the laser direction. The direction vertical to the laser direction
was called the side direction (SD). A universal testing machine (HT-8336, Hung Ta, Taichung, Taiwan)
was used to perform the tensile test. The crosshead speed was chosen 1 mm/min, corresponding to the
initial strain rate of 18.33 × 10−4s−1. The parallel section of both the AS and the HT specimens eroded
by 200 g of particles under a compressed air flow of 3 kg/cm2 (0.29 MPa) at the 90◦ impact angle.

Figure 3. Dimensions of the tensile specimen.

To analyze the influence of the particle erosion induced phase transformation on both the AS and
HT specimens, a tensile test was performed at room temperature. There were at least three specimens
during each test, for which the tensile test results were averaged.
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3. Results and Discussion

3.1. Erosion Induced Phase Transformation Behavior

Figure 4a shows the SD microstructure of the as-PBF Ti-6Al-4V (AS). There is a needle-like
structure in AS matrix. The interpretation, according to the literature [11,12], is the extremely high
temperature gradient during quenching, which transformed the β phases completely into a needle-like
martensitic α’ phase. Figure 4b shows the SD microstructure of the HT specimen (which was subjected
to heat treatment at 800 ◦C for 4 h). The α’ phases were completely transformed into continuous
lamellar α + β phases, as shown in our previous research [22].

 
Figure 4. Microstructures of side direction (SD): (a) AS (b) HT.

The subsurface morphology of AS at 90◦ impact angle is shown in Figure 5a. We can observe
positively eroded pits formed by erosion particles. There was no obvious relationship between the
pits and the needle-like structure. Similar pits can be seen on the subsurface morphology of HT at 90◦
impact angle (Figure 5b), but the interface of the pits is almost located on the white α phase among the
lamellar α + β phases. There is no obvious change in optical microscopy (OM) microstructures on
both AS and HT specimens after erosion.

Figure 5. Subsurface morphology at 90◦ impact angle: (a) AS (b) HT.

However, the microstructural difference between AS and HT specimens before and after erosion
can be obtained through TEM observation. After being positively eroded by endured 90◦ impact angle,
these two specimens are labeled as ASE and HTE, respectively. The α’ phase of AS specimen, as shown
in Figure 6a,b, shows the selected area electron diffraction (SAED) pattern of α’ phase. A + β phase
comes up in HT specimen (Figure 6c), the thickness of α phase is approximately 1.5 μm. The SAED
pattern of β phase is shown in Figure 6d. Figure 7 shows TEM images of AS and HT specimens after
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erosion. In short, the microstructures after erosion are completely changed. Figure 7b,d illustrate the
well-defined ring pattern indicating fine grains within the region selected.

Figure 6. TEM images of specimens before erosion: (a) α’ phase microstructure of AS, (b) SAED pattern
of α’ phase, (c) α + β phase microstructure of HT, and (d) selected area electron diffraction (SAED)
pattern of α + β phase.

 
Figure 7. TEM images of specimens after erosion: (a) ASE, (b) SAED pattern of ASE, (c) HTE,
and (d) SAED pattern of HTE.
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Figure 8 displays the XRD diffraction analysis of the AS, and HT after the positively eroded
endured 90◦ impact angle. Note the respective label changes to ASE and HTE. Both Figure 8 and the
previous reports [13,22,25,26] suggest the following observation about the presence of the α/α’and the
β peaks in HT: when an AS specimen is heated to 800 ◦C, the α’ phases disappear, and then transforms
to continuous lamellar α + β phases. Notably, ASE and HTE had two more peaks (210) and (202)
than AS and HT. It was confirmed that the martensitic α’ phase was generated when the temperature
gradient grew extremely high during the cooling process. The α’ phase has completely transformed
into the α + β phases during heating to and maintaining at 800 ◦C. Thereby, it is suggested that both of
ASE and HTE generated a new α phase after the Al2O3 particle erosion-induced phase transformation.
The new generation phase ratios of ASE and HTE were 9.2% and 7.4%, respectively, which indicated
that more α phase formation was induced in AS than in HT.

Figure 8. X-ray diffraction pattern of AS, ASE, HT, and HTE.

The hardness distribution along the longitudinal direction of ASE and HTE is shown in Figure 9.
The full erosion subsurface can be divided into three zones: (1) the softened zone of the outermost
surface, (2) the hardened zone below the softened zone, and (3) the hardness stabilization zone down
to the bottom. The softened and hardened zone thicknesses for ASE were 150 μm and 300 μm,
respectively. The Vickers hardness of the three zones were 420 to 430 HV, 500 to 540 HV, and 450 to
480 HV, respectively. Similarly, the softened and hardened zone thicknesses for HTE were 250 μm
and 200 μm, respectively. The Vickers hardness of the three zones were 360 to 380 HV, 430 to 460 HV,
and 410 to 420 HV, respectively. The decline in the hardness of the near-surface zone can be attributed
to a compound effect: The AS material was transformed from a hard martensitic α’ phase to a soft α
phase, and the positive erosion produced a thermosoftened layer. According to previous reports [22,27],
the hardness of the double phase Ti-6Al-4V alloy decreases with the rate of the α phase, which can be
attributed to a new α phase formation and the thermal compound effect caused by particle impact [23].
The formation of the hardened zone can be attributed to positive erosion caused by the downward
pressure of the specimen surface.
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Figure 9. Hardness distribution of ASE and HTE in the longitudinal direction.

In summary, the positive erosion (by Al2O3 particles) induced a phase transformation for both AS
and HT toward generating a soft α phase. At the same time, the softened zone with a thickness of
150 to 250 μm was formed by the thermal effect of the positively eroded particles, and the hardened
zone below the softened zone was formed by a squeeze effect, as shown in Figure 10. Because the
AS specimen had a higher rate of the α phase induced by eroded particles, the hardness difference
between the softened and the hardened zones grew larger than that for the HT specimen.

Figure 10. Schematic diagram of particle erosion induced phase transformation.

3.2. Influence of Erosion Induced Phase Transformation on Mechanical Properties

Figure 11 shows the stress–strain curve of AS and HT before and after positive erosion at
a 90◦ impact angle. The tensile strength significantly reduced, and Young’s modulus increased
after the needle-like α’ phase of PBF Ti-6Al-4V completely transformed into the α + β phase.
The stress–strain curve moved toward the left after the parallel sections of AS and HT eroded
by particles. Young’s modulus changed from the original 111 ± 5 GPa (AS) and 133 ± 6 GPa (HT)
to 130 ± 4 GPa (ASE) and 127 ± 5 GPa (HTE). It means that the stiffness of AS improved after the
erosion-induced phase transformation, but the stiffness of HT did not change after the erosion.
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Figure 11. Stress–strain curve of AS, ASE, HT, and HTE.

The tensile mechanical proprieties of AS and HT before and after positive erosion at a 90◦ impact
angle are shown in Figure 12. After heat treatment, the tensile strength of HT became lower than
that of AS. This underlines that the phase transformation decreases the tensile strength. After the
erosion-induced phase transformation, the tensile strength of ASE and HTE became lower than that
of the original AS and HT specimens. This underlines that the generated of the α phase by eroded
particles and the change of hardness lead to a decreased of tensile strength; Ductility had a different
trend. The ductility of ASE was slightly lower than that of AS. However, the ductility of HTE became
higher than that of HT.

To clarify the effect of erosion-induced phase transformation on tensile mechanical properties,
the tensile fracture surfaces after erosion were observed. We found no obvious shrinkage phenomenon
in ASE and HTE as tensile test specimens. The macroscopic fracture morphology of ASE is flatter,
while HTE shows an oblique line of fracture, see Figure 13.

Figure 14a,b show the morphology of the tensile fracture surfaces of AS and HT, respectively.
It can be observed that there are Dimpled ductility structures in both specimens, indicating that
both the needle-like α’ phase and the lamellar α+β phases contribute ductile fractures. Similarly,
the morphology of the softened zone tensile fracture surface of ASE includes an almost dimpled
ductility structure (Figure 14c). The difference between ASE and AS and HT specimens is that many
particles are located in the dimpled ductility structure. Energy-dispersive X-ray spectroscopy (EDS)
indicated a titanium-aluminum phase, with the atomic percentage being 88:12, as listed in Table 3.
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Figure 12. Tensile properties of AS, ASE, HT, and HTE: (a) strength (b) ductility.

Figure 13. Macroscopic morphology photographs of ASE and HTE before and after tensile test.
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Figure 14. Morphology of tensile fracture surfaces: (a) AS (b) HT (c) ASE softened zone (d) ASE center
zone (e) HTE softened zone and (f) HTE center zone.

Table 3. Phase of particles analyzed by EDS.

A B C

Element At% Element At% Element At%

Ti 12.38 Ti 11.26 Ti 11.35

Al 86.18 Al 87.76 Al 88.06

V 1.44 V 0.98 V 0.59

Figure 14d displays the morphology of the middle zone tensile fracture surface of ASE.
The observed cleavage facets show a different fracture morphology from the softened zone. The tensile
fracture surface of HTE is almost the dimpled structure, but there are no titanium–aluminum phase
particles in the softened zone of HTE, as shown in Figure 14.

Figure 14f shows the morphology of the middle zone tensile fracture surface of THE. Even if
cleavage facets could also be observed, the almost dimpled ductility structures dominated.
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Figure 15 is the schematic diagram of the erosion particle impact tensile specimen. When erosion
particles eroded, the erosion-induced phase transformation occurred, resulting in decreased strength
on both the AS and HT specimens. It is inferred that as the number of erosion particles rises, the tensile
strength gradually decreased. In ductility, there are different trends on the AS and HT specimens.
After the erosion-induced phase transformation, AS showed titanium–aluminum phase particles in
dimpled ductility structures in the softened zone, resulting in a slight decline of strength and ductility.
In contrast, there were no titanium–aluminum phase particles in the softened zone of HT, resulting
in decreased strength but increased ductility. There are three reasons why the ASE ductility was
lower than that of AS, and the HTE ductility was higher than that of HT: 1. Particle erosion-induced
phase transformation, 2. the different depth of the softened zone, and 3. the titanium–aluminum
phase particles appearing in the softened zone. The α phase was generated by erosion induced phase
transformation in the surface softened zone. The titanium–aluminum phase particles present only in
the softened zone of ASE formed the α phase.

Figure 15. Schematic diagram of the erosion particle impact specimen leading to a decrease in strength.

4. Conclusions

A new α phase was generated by the as-PBF Ti-6Al-4V specimen and the heat-treated specimen
after the erosion. The heat affected the composite effect of Al2O3 particle erosion, and the erosion
surface adopted a serial formation: softened zone, hardened zone, and hardness stabilization zone.
The ratio of the new α phase induced by particle erosion in ASE became higher than that in HTE,
resulting in a difference of hardness between the softened and the hardened zones.

After the PBF Ti-6Al-4V was subjected to a heat treatment at 800 ◦C for 4 h, the phase
transformation α’ α + β resulted in a decrease of the strength. The mechanical properties of both
the as-PBF Ti-6Al-4V and the heat-treated specimens were affected by particle erosion-induced phase
transformation. The strength and the ductility of the ASE test specimens became lower than those
of AS, and titanium–aluminum phase particles were observed in the softened zone. There were no
titanium–aluminum phase particles found in HTE. Compared with the HT test specimen, the strength
decreased, but the ductility increased.
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Abstract: Additive manufacturing (AM) in industrial applications benefits from increasing interest due
to its automation potential and its flexibility in manufacturing complex structures. The construction
and architecture sector sees the potential of AM especially in the free form design of steel components,
such as force flow optimized nodes or bionic-inspired spaceframes. Robot-guided wire and arc
additive manufacturing (WAAM) is capable of combining a high degree of automation and geometric
freedom with high process efficiency. The build-up strategy (layer by layer) and the corresponding
heat input influence the mechanical properties of the WAAM products. This study investigates the
WAAM process by welding a bar regarding the build-up geometry, surface topography, and material
properties. For tensile testing, an advanced testing procedure is applied to determine the strain fields
and mechanical properties of the bars on the component and material scale.

Keywords: additive manufacturing; construction; WAAM; welding; steel; ESPI; design

1. Introduction

Advances in automation technology over the last century are the basis for additive
manufacturing [1]. The idea of additive manufacturing was originally associated with rapid prototyping
in order to test new design strategies in the automotive, aviation, and aerospace industry with a
minimum of manufacturing effort. Today, additive manufacturing itself has become a technology that
enables the fabrication of geometrically complex construction elements with efficient material usage.
Additive manufacturing as a production process is also becoming increasingly interesting for tailored
solutions in the construction industry. The beginnings of additive manufacturing in construction
started around 10 years ago, mainly focused on extrusion techniques and concrete materials. Pioneering
projects were realized by counter crafting [2], d-shape by Enrico Dini, or 3D concrete printing by
Buswell et al. [3]. Since then, developments in this field have taken place at ever shorter intervals and
the number of people involved in AM in the construction industry is constantly increasing [4,5].

Additive manufacturing of building components in the building industry is not only limited to
processes for cement-bound components. The idea of creating metal components by layers of welded
seams was already being considered in the 1930s [6]. However, additive manufacturing from metals
in construction has only recently become the focus of attention and is the subject of research in the
construction industry [7,8]. Arup [9] and Joosten with MX3D [10] demonstrated how steel components
can be manufactured by additive manufacturing. Camacho et al., however, showed that the main

Metals 2019, 9, 725; doi:10.3390/met9070725 www.mdpi.com/journal/metals135



Metals 2019, 9, 725

field of application of metallic AM components currently lies in aircraft construction, automotive
engineering, and health technology [11].

The motivation for additive manufacturing in the construction industry results among other
things from the low labor efficiency in comparison to automated machines as well as from aspects,
such as occupational safety, accident rate, and low construction quality due to inadequate training
of employees [12,13]. In addition to these points, increasing material efficiency, minimizing waste,
reducing building mass, and, consequently, reducing energy consumption in the construction of the
component or building are reasons for additive manufacturing in construction.

The production of components is usually carried out in subsequent steps, which is why the
construction industry and the production process can be considered as being very fragmented. For
this reason, additive manufacturing should not be regarded as a replacement for previous methods of
construction, but as an alternative manufacturing process for components that can only be manufactured
by traditional methods at great expense. The manufactured geometries can increase in their complexity
without increasing costs and effort in the same measure. The aim is to reduce the sum of all individual
parts of a building in order to simplify the construction of the building. By digitalizing the whole
design process, the number of necessary steps can be reduced compared to traditional design processes.
Design, optimization, and preparation for the additive manufacturing of components is done digitally.
Work steps, such as transformation of the three-dimensional digital model into two dimensions for
worksite planning, are not necessary. From the planning to the finished component, all information is
available digitally and allows the creation of a digital twin, which can be transferred into a building
information modelling system (BIM).

For architecture, additive manufacturing changes the limitations of fabrication. It opens up the
possibility of adapting the design down to the smallest detail without being subject to the restrictions
of today’s common manufacturing methods. Particularly in the field of steel construction, the design
based on manufacturing from semi-finished products, such as plates and prefabricated profiles.
Therefore, there is a high potential of geometric freedom to be achieved by AM in this area.

Processes for the additive manufacturing of steel structures can be subdivided into powder-based
(selective laser melting (SLM), laser metal deposition (LMD), electron beam melting (EBM)) or
wire-based (WAAM, electron beam freeform fabrication (EBF3), laser-engineered net-shaping (LENS))
processes [14,15]. In WAAM processes, the wire-shaped additive materials are either supplied to the
energy source (gas tungsten arc welding (GTAW), plasma and laser) and are molten, or the wire itself
is the electrode, like in gas metal arc welding (GMAW) processes [16].

The advantages of wire-based technologies in comparison to powder-based processes are the
higher deposition rate in combination with a better material utilization and lower material cost, making
it suitable for applications in the construction sector. Powder-based technologies are more suitable for
complex geometries with high requirements on the geometric precision [17]. Further, the component
size in the SLM process is limited regarding the component size, since the dimensions of the component
cannot exceed the powder bed size. The WAAM process utilizes CNC or robot kinematics and the AM
element is, hence, theoretically not limited in size.

WAAM as a field of research gains more and more attention. Numerous investigations focusing
on the application of WAAM in lightweight constructions using titanium or aluminum alloys as filler
material [18–20]. The driving forces are the automobile and aerospace industry. Other works focusing
on steel as construction material, where the fields of application are pipe couplings and flanges,
special machines, and plant construction, mainly driven by the naval and crane industry [17]. In the
construction sector, studies on the WAAM with steel electrodes of nodal joints and beam reinforcements
are available. Their focus is mainly on the constructive design potential or on the generation process
itself [7,21]. Other works identified the processing capabilities of WAAM in general by investigating
several materials, power sources, and welding processes, such as GMAW, GTAW, and plasma welding.
Studies provide guidelines for the additive process selection, aiming at improved material properties.
Advanced process modifications, such as workpiece and wire oscillation, modulated power supplies,
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and use of shielding gas or different cooling strategies, were applied [22–24]. Furthermore, there are
publications which investigate the thermal cycles and the reheating of prior layers during the WAAM
of wall-like structures using high-strength low-alloy (HSLA) steel [25] and duplex stainless steel [26].
According to Rodrigues et al., during reheating, recrystallization may occur, leading to fine-grained
microstructure or coarse grains in the case of high peak temperatures. However, the microstructure
and thus the mechanical properties are affected by the thermal cycles and the amount of layers being
reheated during the welding of subsequent layers.

WAAM makes it possible to increase the geometric complexity of a component without increased
manufacturing effort. At present, there is no unified methodology for the design of component
geometry [27]. The most common approaches result either from the manufacturing process or from
the optimum use of the material. The first approach is a bottom up process and is based on the path
planning of the component to be manufactured [28]. The second approach is a top down process and
is usually based on topology optimization. Questions about the aesthetic qualities of the component
have not been discussed yet [29]. However, it is of essential importance for architecture and the
building industry.

Each working step, from the creation of the basic geometry, through topology optimization and
adaptation for the manufacturing process, to the verification of the load-bearing capacity and stability,
creates its own geometry. Restrictions should already be defined during the design of the initial
geometry in order to meet the architectural requirements of the overall structure. Here, traditional
design concepts should be abandoned and possibilities of additive production should be decisive.
Good design only appears possible if there is a precise knowledge of the effects of each individual
design step. One of these design steps must consider and include the process parameters and boundary
conditions for the manufacturing of a component by WAAM. Structures to be produced by WAAM
can be subdivided into various substructures, such as bars, surface elements, and volume elements.

In this article, the focus is on steel bars not only as a substructure, but also as an independent
structural component. The possibility of production and the appearance of surface topography as
well as homogenous material properties are of special interest. Problems, such as sufficient space for
the welding torch, inclination of bars, number of crossing points, and resulting build-up, and path
planning strategies must be taken into account at the design stage.

In addition to using bars as a substructure in a structural component, WAAM manufactured bars
can also be used as reinforcement in reinforced concrete. Figure 1 shows reinforcement arrangements
for additively manufactured concrete components. The alignment of the reinforcement is still strongly
oriented to the geometry of traditional prefabricated reinforcement elements. WAAM allows a more
efficient arrangement of the reinforcement and extends the use of additive manufacturing in concrete
construction. Due to the higher degree of freedom of WAAM manufactured bars, reinforcement can be
arranged according to the tensile stress curve.

Figure 1. (a) Construction of a reinforced concrete wall in the digital building fabrication laboratory
(DBFL) at the Institute for Structural Design (ITE). (b) Curved mesh of conventional reinforcement bars
constructed by an in situ fabricator [30], reproduced with permission from Norman Hack, Ph.D. Thesis:
Mesh Mould: A Robotically Fabricated Structural Stay-in-Place Formwork System; published by ETH
Zurich, 2018. (c) Root-like structure for anchoring steel components in concrete.
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An extended application for WAAM-manufactured reinforcement is the anchoring of steel
components to reinforced concrete. Figure 1c schematically shows the possible root-like anchoring of a
steel construction node to a concrete foundation. The use of bars as reinforcement requires different
surface properties than the nodal joints produced by WAAM. The curvature of the surface is decisive
for the bond between the concrete and reinforcement. Control of the surface topology would be
advantageous, especially with regard to root-like anchoring, as shown in Figure 1c.

In order to use components or production types in the European Union, a European Technical
Assessment (ETA) is required. The ETA assesses the performance of a construction product with
respect to its essential characteristics. ETA provides a way to CE-certification (European Conformity
certification) for construction products that are not or are not fully covered by a harmonized standard.
This certification process can only be applied to WAAM components with limitations. The evaluation
of process and material irregularities and flaws needs to be addressed in future certification concepts
for WAAM in construction. Therefore, existing certification concepts need to be extended. A possible
solution is the concept of a digital twin, which holds a set of any virtual information that describes
the actual physical manufactured product on different scales [31]. This model is already being used
in aircraft production for general components as well as for additive manufactured parts. Currently,
this concept will be extended by blockchain technology to ensure the traceability of the process chain
steps [32]. It is necessary to adapt this concept to the particularities of the construction industry. The
main challenge for a successful AM technology adoption in the construction sector is the certification
of AM components for safe use in the buildings of infrastructure. For this purpose, basic knowledge
on the relationship between the manufacturing process and material properties of WAAM components
first must be determined.

The determination of the material properties, more specifically, the mechanical properties of
additively manufactured bars, differs from conventional material testing due to features, such as
topography (notches). Further, different manufacturing irregularities, in terms of WAAM weld
irregularities and flaws, need to be addressed by the tests and evaluated. For mechanical testing
of AM-parts, like walls or cylinders, the well-established way is to section samples in the form of a
standard tension test specimen from the AM-structure, which are prepared and tested according to
any ISO or ASTM standard [33,34].

Root-like anchoring elements, cast in concrete or reinforcement elements, where an uneven
topography or surface irregularities are desired, may show losses in mechanical properties due to
notches. Those surface irregularities can be sources for premature failure. So, for applications with
cyclic loading, an even surface is more favorable and the bars should be post-processed, i.e., machined.
However, those reinforcement elements are not meant to be post-processed, so the influence of
the topography on the elastic behavior is essential information when investigating the mechanical
properties. So, cutting out standard conform specimen geometries is not an option because the
topography information would be lost.

The new approach for the mechanical testing of WAAM-bars, which is introduced here, is to take
a standard round tensile test specimen [35] and replace the cylindrical middle part with an additively
manufactured bar.

The aim of this work is to investigate the influence of welding process parameters on the surface
topography of steel bars and the local strain distribution as a consequence of mechanical loading.
Furthermore, the energy inputs and cooling rates of different welding processes are related with the
resulting hardness, microstructure, and the mechanical properties.

2. Materials and Methods

The manufacturing process of the steel bars was carried out on a 10 mm thick S355N (1.0545)
substrate plate. The welding material itself was a solid wire electrode of unalloyed steel G4Si1 (1.5130)
with a diameter of 1.0 mm. The chemical composition of the materials is given in Table 1.
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Table 1. Chemical composition of the used materials.

Material
Chemical Composition (wt.-%)

C Si Mn P S Cr Mo Ni Cu

G4Si1 0.061 0.845 1.66 0.025 0.0139 0.035 0.006 0.044 0.088
S355N 1 0.2 0.5 0.9–1.65 0.03 0.025 0.3 0.1 0.5 0.55

1 Nominal composition.

The experimental welding setup was composed of a Fronius Cold Metal Transfer (CMT) Advanced
4000 R power source (Fronius International, Pettenbach, Austria), a handling robot, temperature
gauges, and process periphery, as shown in Figure 2. The torch as well as the pyrometer were mounted
on the KUKA KR22 robotic handling system (KUKA AG, Augsburg, Germany). The pyrometer was an
optris CTlaser 3MH2 with a measuring range from 200 to 1500 ◦C. The substrate plate was attached to
the positioning table.

 
Figure 2. Experimental setup for the WAAM of steel bars [34].

One special feature of this power source is the reversing wire electrode controlling short circuit
phases and droplet transfer to the weld pool. That leads to a minimal-spatter ignition due to the almost
current-free material transition. The current can be kept very low for a longer time, thus significantly
reducing the heat input to the piece [36,37]. This is what makes such modified short arc processes so
suitable for WAAM applications.

In this investigation, two different CMT process variants were used. The first was a CMT standard
process and the second was the CMT cycle step, which reaches even higher short-circuit percentages
than the CMT standard by controlled switch-offs of the arc, leading to a lower heat input [37]. The
cycle step also convinces with a precise control, which allows the choice of the exact number of droplet
transitions per cycle instead of the welding time, like in CMT standard processes [38]. In addition to
the CMT processes, one steel bar was manufactured with an elmatech DV36 L(W) GMAW (denoted in
the following as conventional GMAW) power source for comparison. The welding parameters for
each process are depicted in Table 2. As shielding gas M21 (82% argon and 18% CO2) with a constant
flow of 12 L/min was used.
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Table 2. Welding parameters.

Parameter Unit Conventional GMAW CMT Standard CMT Cycle Step

Wire Feed m/min 10.6 5 9.4
Welding time s 1.5 2.4 1

Material transitions Droplets/cycle - - 100
Current A 218 158 204
Voltage V 27.6 11.1 16.4

Energy per layer kJ 9 4.21 3.35

As shown in Figure 3a, the bars were welded point by point, while the torch was moved up in
the build-up direction. According to the deployed process, one point was welded either for a certain
time (conventional GMAW, CMT standard) or for a certain number of droplets (CMT cycle step).
Subsequently, the torch was automatically moved up for 2, respectively, 1.6 mm (depending on the
resulting layer height) and a waiting period followed, until a constant interpass temperature of 200 ◦C
was reached. Then a new cycle began. The t8/5-times in the middle layers averaged for both CMT
processes was 16 s.

Figure 3. Schematic of the specimen preparation: (a) Welding the bar, (b) specimen preparation for the
tensile tests, and (c) ready-to-test specimen.

For characterization of the bars regarding their mechanical properties, the bars had to be in a
proper shape for execution of the tensile tests. Especially concerning the clamping cylinder in the
tensile test machine, the specimens had to be an even shape to not initiate bending moments into the
bar itself or into the machine.

The most obvious specimen shape is a round tensile test specimen in dependence on DIN 50125.
Therefore, a piece with a length of 30 mm was cut out of the bar and then welded between two
cylindrical ends of standard round tensile test specimens, which were turned to a diameter of 11 mm
at one side for better accessibility during the welding of the fillet, as shown in Figure 3b. The joint was
welded with a TIG-process using 110 A and no filler material. For all samples, computer tomography
scans with a “GE v|tome|×240s Research with micro focus tube” were made. Subsequently, the tensile
tests followed. Additionally, for all three samples, the surface was characterized using a laser scanner

140



Metals 2019, 9, 725

(optoNCDT 1800, micro-optronic, Langenbrück, Germany), micrographs were prepared, and hardness
tests were executed.

The experimental setup for the tensile testing is shown in Figure 4. The specimens were mounted
on a tensile testing machine (MTS 810 Servo Hydraulic Testing System, MTS Systems GmbH, Berlin,
Germany) and two optical measurement systems were used for the tensile tests. In order to take
sufficient account of surface influences and the anisotropic inhomogeneous material behavior, full
field strain measurements were taken with the Electronic Speckle Pattern Interferometry (ESPI; Q-300,
Dantec Dynamics GmbH, Ulm, Germany). Because the ESPI requires a high positional accuracy
relative to the specimen, it is mounted on a 3D-positioning system, which allows the positioning with
an accuracy of 1 μm. Additionally, a laser extensometer (P-50, Fiedler Optoelektronik GmbH, Lützen,
Germany) was used to verify the measured strain maps during the test. This second measurement was
done over the whole length of the welded part of the bars.

Figure 4. (a) Experimental setup; (b) specimen sprayed with lime powder (left) and black lacquer (right).

ESPI employs a coherent laser that illuminates the specimen from different positions and monitors
the change in the intensity of the produced interference due to the displacements with a CCD camera.
The setup used here can measure displacements of the surface in all three spatial directions. The
measured displacement fields are then numerically differentiated in order to obtain strain maps. One
advantage of the ESPI for the measurements on the material scale is its high displacement measurement
resolution (up to 10−6 m) [39]. Due to this high resolution, ESPI is often used for measurements of
displacement and strain due to thermal loading on small parts in the sectors of aerospace technology
or electrical engineering. ESPI measurements on aluminide layers on a MAR 247 nickel alloy were also
shown to be able to identify localized areas of deformation concentration as a starting point of damage
under cyclic loading [40].

The use of standard tensile test specimens for the determination of mechanical parameters was
not directly feasible here. Conducting tensile tests until failure with the topography “as-welded”
would not allow the calculation of definitive material parameters, except the component’s bearing
load, as the cross section is not well-defined. Turning the whole specimen leads to a loss in information
as the surface would be removed to create a defined measuring section. Therefore, an advanced
testing strategy was applied here, which was divided in two stages of tensile tests with an additional
metallographic examination parallel to the tensile tests, as shown in Figure 5.
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Figure 5. Advanced testing strategy for the identification of strain fields and material parameters.

The non-destructive first stage of testing was applied to the sample with the topography
“as-welded” as shown in Figure 5. The aim of the first tests was to analyze the influence of the weld
process-dependent surface topography and the inhomogeneous material behavior in the elastic state.
The load had to be limited in order to avoid plastic deformations and was identified in preliminary
tests to a maximum force of 5 kN. Due to the high sensitivity of the ESPI, the measurements had
to be conducted after load step increments of 0.5 kN with holding times of 5 s each. Afterwards,
the measured deformations and strains of each load step were summed up. Simultaneously to the
ESPI measurement, the laser extensometer measured the strains over the whole length of the welded
specimen (30 mm) to verify the strains measured with the ESPI.

Both optical measurements required a different surface preparation. For the ESPI measurement,
an optically rough and reflective surface is required. This was achieved by spraying on a layer of lime
powder. On the other side of the specimen, a primer with a matt black lacquer was applied to serve as
a non-reflective background that could be distinguished from the white measuring marks, which is
displayed in Figure 4b.

In order to obtain the material parameters, a second stage of destructive tensile tests was carried
out. For these tests, a well-defined transversal section was needed to calculate the resulting stress and
to derive the stress–strain diagram with all needed design parameters. For this reason, the middle
part of the bars was turned to an even transversal section with a length of 10 mm. To ensure that
the failure of the specimen occurred in the desired section and not in the fillet weld, a diameter of
4 mm was chosen for the transversal section. The strains during the test were measured with the laser
extensometer. For this, the measurement markers were placed on the outer edge of the transversal
section at a distance of ca. 10 mm.

After the destructive testing, the fracture surface was examined using a scanning electron
microscope (JEOL JSM 6480, Japan Electron Optics Laboratory, Akishima, Japan) to obtain information
about the fracture mechanism.

3. Results

3.1. Comparison of the Build-Up Height and the Resulting Diameters

The resulting bar diameters, including minimum and maximum values, as well as the mean
build-up heights of the single layers were examined and are displayed in Figure 6. Furthermore, the

142



Metals 2019, 9, 725

energy input per layer was calculated by Equation (1), since there is no welding velocity for calculating
the regular energy per unit length:

E = U × I × tweld (1)

For measurement of the welding time per layer (tweld), the current (I), and the voltage (U),
a measurement device (HKS weld monitoring system) was connected to the power source. The
according energy per layer is also shown in Figure 6.

Figure 6. Layer build-up height, diameter, layer volume, and the corresponding energy input of
different welding processes.

The conventional GMAW obtained the highest build-up rate with more than a 3.3 mm layer height
as well as the thickest bar diameter with almost 10 mm. The CMT cycle step reached 1.4 mm as the
lowest layer height and a bar diameter of 9.16 mm. The CMT standard process achieved layer heights
of 2.15 mm and diameters of 8.2 mm. Since the build-up height correlates with the energy per layer
while the diameter does not, the layer volume was also calculated and is depicted in Figure 6. The
layer volume increased with higher energy input per layer.

3.2. Surface Topography

Next to the build-up volumes and diameters of the bars, the topographical properties of the
WAAM bars were specified. It can be seen from the results in Figure 7 that the conventional GMAW
led to a non-uniform surface with a minimum to maximum range of 1.4 mm, determined along a
measuring section of 30 mm. The surface topography of the CMT standard specimen was smoother
and the layers were built more regularly. The waviness was in the order of 0.89 mm. In comparison, the
CMT cycle step process led to the most uniform and even surface. The range between the minimum
and maximum was 0.35 mm.

Figure 7. Surface laser scans along the build-up direction.
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3.3. Microstructure and Hardness

Subsequently, deposited layers reheat weld metal during the manufacturing process. The reheating
causes a change of the microstructure. Especially, the refined geometry of the bars manufactured here
lead to heat accumulation and comparably long t8/5-times in combination with high peak temperatures.
Micrographs showing the weld layer geometry and the resulting hardness are given in Figure 8.

Figure 8. Hardness distribution in the build-up direction.

The averaged hardness increased with decreasing energy input. In the conventional GMAW
process (9 kJ per layer), the hardness ranged from 128 to 163 HV1; in the standard CMT process
(4.2 kJ per layer), the hardness varied between 146 and 176 HV1; and in the process with the lowest
energy input per weld point (3.35 kJ), the hardness increased from 150 HV1 in the lower layers to 223
HV1 in the higher layers. In the pictures on the bottom of Figure 8, one can see that due to the high
heat input in the conventional GMAW weld, the layers melted together and an even homogenous
secondary microstructure developed. Hence, the hardness did not vary as much as in the CMT cycle
step specimen. Looking at the two CMT processes, one characteristic is the hardness increase at the
transition zone between two layers. Right when the next layer started, the hardness rose significantly
and decreased subsequently.

Figure 9a shows the microstructure of the conventional GMAW specimen consisting of mostly
ferrite and small fractions of bainite and perlite. Here, the grains were comparatively large. The grain
growth is most likely a result of the peak temperatures well above the austenitization temperature, A3,
and the comparably long holding times.

In general, the microstructure of the CMT processes in the middle and on the top of each layer is
a fine-grained bainite-ferrite structure. In the micrographs in Figure 9b,c, the grains appear smaller
in the area of high hardness and a higher amount of bainite can be detected. Figure 9c shows at the
right side the top layer of the bar, which was welded last. The resulting primary microstructure not
affected by subsequent weld layers is composed of ferrite and bainite fractions in an acicular structure.
However, the secondary microstructure resulting from both CMT processes did not vary significantly
while the high energy input of conventional GMA welding led to a significantly lower, but also more
homogeneous, hardness. This is expected to result in a variation of the tensile properties compared
with Section 3.6.
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Figure 9. Micrographs of the specimen manufactured with (a) conventional GMAW, (b) CMT standard,
and (c) CMT cycle step.

General effects of cooling rates on microstructure and hardness are given in welding
time-temperature-transformation (TTT) diagrams. Figure 10 shows the transformation behavior
of a G4Si1 at rapid cooling. However, the chemical composition of this welding wire varies from
the one used here, but general effects can be explained. Fast cooling rates lead to more bainite and
less ferrite, resulting in higher hardness. Low cooling rates result in low hardness and mainly a
ferrite/pearlite microstructure. Accordingly, the hardness of deposited G4Si1 can vary depending
largely on the welding parameters.

Figure 10. Welding time-temperature-transformation (TTT) diagram for G4Si1 and peak temperatures
of 1350 ◦C, according to [41].

The fine-grained microstructure is an indicator for low heat input while welding subsequent
layers and moderate peak temperatures above A3. The slightly harder regions at the layer interface
were reheated less during subsequent thermal cycles. Thus, annealing effects are less prominent. The
result is a heterogeneous microstructure in the build-up direction with varying mechanical properties.
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3.4. Computer Tomography

The characterization of the three specimens in terms of the porosity and cavities was carried
out with computer tomography before the tension testing. The results of the porosity analysis of
the CT scans are displayed in Figure 11. On the left side, there is the conventional GMAW bar with
a comparatively low amount of pores and porosity. The diameter of the pores ranged from 100 to
approximately 1000 μm. The pores in the bar welded by the CMT standard process were both small
and rare. The highest detected pore diameter measured between 100 and 200 μm. While the size of
the pores in the CMT cycle step bar are comparable to the CMT standard bar, the amount of pores or
cavities exceeds that of the CMT standard bar many times over. The differences in terms of porosity
are a result of the weld pool size and the varying degassing behavior during welding. Larger weld
pools in combination with short welding times (conventional GMAW) cause solidification pores of
a distinct size. Smaller weld pools (CMT cycle step) and longer welding times (CMT standard) are
favorable for low pore sizes. However, short welding times in combination with small weld pools lead
to a high number of small pores.

Figure 11. Computer tomography scans with porosity analysis of the conventional GMAW bar, the
CMT standard bar, and the CMT cycle step bar.

3.5. Full Field Strain Measurements

The material behavior and the influence of the surface topography were examined by full field
strain measurements using ESPI during uniaxial tensile tests in the elastic region. To compare the three
specimens, the measured strain maps (longitudinal strains) were related to the global longitudinal
strain, εg, simultaneously measured with the laser extensometer on each specimen. Figure 12 shows a
surface photograph with the ESPI measurement area and the related strain map of each specimen at a
load of 5 kN.
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Figure 12. Photograph with the measurement area and local strain maps (longitudinal strain) related
to the global strains of (a) conventional GMAW, (b) CMT standard, and (c) CMT cycle step under
tensile load.

The ratio from local to global strain (ε/εg) allows detection of areas with different material
parameters or strong variations in the surface. The local strains in the conventional GMAW bar showed
the largest deviations from the measured global strains with a ratio of up to 6 in two distinct areas of
the specimen, as displayed in Figure 12a. The CMT standard bar showed a more even distribution with
ratios of up to 2.5. In comparison, the CMT cycle step bar showed the most even strain distribution
with a maximum ratio of 1.5. While the layered structure was clearly visible in both CMT bars, the
conventional GMAW bar showed two concentrations, which can be attributed to strong deviations
in the surface topography. Effects of the microstructure or heterogeneous hardness on local strain
distribution were not detectable at this load level.

Due to the high local strain concentrations, especially in the conventional GMAW bar, local plastic
deformations might have occurred. In the event of a further load increase, the conventional GMAW bar
would most likely fail at one of the localizations. This shows that a uniaxial tension test until failure
with this topography would not provide representative results about the mechanical properties, except
the ultimate bearing load. Therefore, the advanced testing strategy applied here seems to represent a
better overall solution. A rated value similar to the strain ratio presented here could later be used as a
notch factor corresponding to the different bars. Therefore, these measurement results can also be used
to examine the material behavior of WAAM bars in regards to cyclic loading.
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3.6. Mechanical Properties

The second stage of testing consisted of uniaxial tension tests until failure with a further machined
specimen geometry, comparable to conventional tensile testing. For each type of bar, one specimen was
tested until failure. A laser extensometer was used to measure the integral strains during the test on
the length of the transversal section (10 mm). Figure 13 shows the obtained engineering stress–strain
curves for all three specimens. The resulting stress was calculated based on the 4 mm diameter in the
predefined measurement section.

 

Figure 13. Stress–strain diagram for all three specimens.

The stress–strain curves show a very ductile material behavior with large ultimate elongations,
especially for the CMT bars. A clear yield point was also recognizable for all three specimens as is
expected from the used unalloyed weld metal. All mechanical properties, as listed in Table 3, were
calculated in accordance to DIN EN ISO standards [42]. Table 3 also includes the corresponding
properties of the weld metal data sheet from the welding wire used.

Table 3. Mechanical properties of the three bars and the welding wire.

Properties Unit
Conventional

GMAW
CMT Standard

CMT Cycle
Step

Weld metal
(Data Sheet)

Modulus of
Elasticity E GPa 180 198 191 -

Yield Stress ReH MPa 265 410 390 ≥460
Ultimate Tensile

Stress Rm
MPa 445 554 565 530–680

Ultimate
Elongation A % 49.7 1 46.3 1 4.7 1 ≥20

1 Due to the geometry of the specimen, the elongation at break is not comparable to standard tensile test
specimens [35].

All the bars showed a linear elastic material behavior with a modulus of elasticity ranging from
180 to 198 GPa. The yield stress, ReH, for all three bars and the ultimate tensile stress, Rm, for the
conventional GMAW bar is lower than nominal values from the corresponding weld metal data sheet.
For both CMT bars, the Rm lies in the desired range. In comparison, the conventional GMAW bar
shows the lowest values in terms of strength properties. The results are in agreement with findings
from metallographic investigations and hardness tests.
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3.7. Fracture Surface Imaging

After destructive testing of the bars, the fracture surfaces were examined by help of scanning
electroscope micrographs. Figure 14 shows the fracture surface of each bar in two different
magnifications. The macroscopic images of all the specimens depict significant area reductions
resulting from plasticity. This effect is most distinctive at the specimen welded by conventional GMAW.
However, all fracture surfaces show dimples at high magnification. On the surface of the conventional
GMAW specimen, there are also artefacts, which may be silicate segregations. In comparison to the
GMAW specimen, the CMT specimens show fracture surfaces with indications for multiple crack
initiation sites. A rougher surface indicates more ductile fracture behavior.

Figure 14. Fracture surface images of the bars after destructive tensile testing.

4. Discussion

Steel bars manufactured by the WAAM process demonstrate the use of AM in construction.
For this study, several samples were manufactured with each process to identify the influence of
welding parameters. However, only one sample of each process was tested until fracture. The overall
objective was the identification of an advanced test routine, which can be applied to further WAAM
components as well. The steel bars, as manufactured and tested here, could represent reinforcement
elements in concrete applications or standalone, respectively, parts of complex larger steel components
structural members. Further, it is demonstrated that the use of manufacturing parameters, such as the
welding process and the energy input, may result in a severe influence on the component and material
properties. The energy reduced short arc welding processes led to a heterogeneous microstructure
with hardness peaks at the layer interfaces, probably resulting from low annealing temperatures
between A1 and A3. This is usually not favorable as mechanical properties become heterogeneous as
well. Higher interpass temperatures could solve this issue also for welding processes with low heat
input. However, the resulting lower weld pool viscosity may affect the resulting surface topography as
well. The results from the microstructure and hardness testing of WAAM bars as well as the surface
fracture images correspond well with theoretical findings from the literature (e.g., TTT-diagrams), weld
parameters, and results from tensile tests. The conventional GMAW bar with lower, but homogeneous,
hardness showed lower ultimate strength and higher areas of reduction at the fracture compared to the
CMT-welded bars. However, the peak temperatures and annealing times should be controlled more
intensively in future research as they control the grain size.
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The surface topography and the geometric dimensions, here the bar diameter, depend on the
process characteristics. A homogeneous diameter is preferable in terms of mechanical material
utilization. However, in concrete applications, rougher surfaces may be beneficial due to better load
transfer from concrete to reinforcement bars. Cyclically loaded components would benefit from
smoother surfaces as observed in the case of CMT-welding. Next, the layer volume increases with
increasing energy input, which is beneficial for economical manufacturing times.

CT scans did not show severe inner defects or irregularities in the manufactured steel bars, except
a low number of single pores with a diameter of ~1000 μm. The differences in pore size and magnitude
are explained by the welding time and weld pool size. However, this must be examined statistically in
future research with higher numbers of specimens.

The applied test methodology captured both local elastic component behavior and integral
material parameters. The full field strain measurements can identify the inhomogeneous material
behavior. Most likely, the heterogeneous strain distribution results from geometric variations, i.e.,
the change of diameter and local notches at layer interfaces. However, future work will address the
material properties of deposited weld metal depending on the applied weld process in more detail.
The detected stress concentration is of large importance for plasticity-induced phenomena, such as
crack initiation and fatigue.

Various parameter identification methods could be used to quantify the deviations of the material
in further research, for example the virtual fields method [43]. The measurements on the material scale
presented here are not sufficient to evaluate the behavior of more complex WAAM-components in its
entirety and 360◦ digital image correlation systems could be utilized for the purpose of analyzing the
deformation behavior of the entire component during a test, even in regions of large deformations
where the ESPI system reaches its limits. When analyzing the component behavior, it is also necessary
to evaluate the behavior under compressive loads in regards to buckling as the WAAM components
are generally slender components.

5. Conclusions

This study investigated the use of WAAM steel components in construction. The fundamentals
of both architectural and structural design were introduced. The experimental investigations made
use of steel bars as the geometrically simplest geometry to demonstrate component and material
behavior typical for WAAM structures. The WAAM process was linked to the build-up geometry,
surface topography, and material properties. The key findings are:

• The layer geometry depends on the weld energy input. High energy leads to heterogeneous
surface topography, higher material volumes deposited, and sharp notches at layer interfaces.

• The heat input (weld energy and interpass temperature) correspond with the microstructure.
High heat input results in a homogenous microstructure, but overall lower hardness. Low heat
input results in hardness peaks at the layer interfaces.

• CT scans revealed internal and external weld irregularities. Porosity depends on weld
pool degassing.

• Heterogeneous surface topography and geometry result in heterogeneous strain distributions
under tensile loading.

• Integral material properties depend on the weld process. High heat input leads to low hardness,
coarse grains, and lower elongation.
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Abstract: In this study, selective laser melting (SLM) Ti-6Al-4V is subjected to heat treatment for 4 h
at 400 ◦C, 600 ◦C, and 800 ◦C, followed by air cooling. After heat treatment at 400 ◦C and 600 ◦C,
the ductility was lower (strength increased). This was could be for two reasons: (1) high temperature
tensile properties, and (2) particle erosion wear induced phase transformation. Finally, the particle
erosion rates of as-SLM Ti-6Al-4V and heat treatment for 4 h at 800 ◦C (labeled 800-AC) were
investigated and compared; the lamellar α + β phases in 800-AC are difficult to destroy with erosion
particles, resulting in the erosion resistance of 800-AC being higher than that of the martensitic α’
needles in the as-SLM Ti-6Al-4V at all impact angles (even the hardness of the 800-AC specimen was
lower). The as-SLM Ti-6Al-4V alloy needs heat treatment to have better wear resistance.

Keywords: selective laser melting (SLM); Ti alloy; high temperature tensile; erosion; wear

1. Introduction

Selective laser melting (SLM) process is a type of 3D-printer technology used in this study. The process
uses metal powder as a raw material, where during the SLM process, metal powders are melted in a
specified area with a high-energy laser beam and rapidly solidified at a high cooling rate [1–3].

Ti-6Al-4V is the most representative of the α + β titanium alloys [4,5]. The most common
Ti-6Al-4V alloys are cast and forged, and their alloy properties have been widely discussed [6,7].
Many SLM Ti-6Al-4V articles have discussed how process parameters and post treatment interact
with microstructure and mechanical properties [8,9]. In this research, the process parameter was
fixed. The microstructure of the SLM Ti-6Al-4V contains not only the classical α + β phases but also
the martensitic α’ phases (low ductility) because of the high cooling rate [10,11]. For industrial
applications, achieving improved ductility through an appropriate heat treatment is necessary.
Furthermore, Ti-6Al-4V is commercially used in gas turbine engines up to a test temperature of
350 ºC. Industrial applications usually limit Ti-6Al-4V use to 400 ◦C, so high temperature (250–400 ◦C)
tensile mechanical properties of SLM Ti-6Al-4V are investigated in this study and a relationship
between the high temperature failure behavior and erosion wear characteristics is proposed.

In many industrial applications, erosion wear caused by solid particles results in the failure of
mechanical devices and components [12,13]. This study also investigates erosion properties (use Al2O3

particles) between the martensitic α’ phase formed by SLM Ti-6Al-4V and the lamellar double α + β phases
with heat treatment. Notably, the erosion resistance mechanism was proposed by comparing the relationship
between impact angles and erosion rate. According to our previous research studies [14,15], the particle
erosion wear is able to induce the phase transformation and affects the erosion rate. The temperature of the
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eroded surface is more than 400 ◦C, and the relationship between wear behavior and high temperature
tensile properties needs to be clarified [16]. This study is one of the few articles discussing the high
temperature strength and particle erosion properties of SLM Ti-6Al-4V alloy. The relevant results have
significant reference value for relevant 3D-printer titanium alloys.

2. Experimental Procedure

SLM Ti-6Al-4V (the source of the Ti-6Al-4V powder particles is EOS GmbH (Electro-Optical
Systems) was used in this study, for which the chemical composition and process parameters are
shown in Tables 1 and 2, respectively. The test specimens were removed by the electrical discharge
machining (EDM) by cutting the wire from the support, and no post-treatment was implemented
before various tests. As-SLM Ti-6Al-4V is called AS in this study. The original test specimens were
held for 4 h in a tubular furnace (Deng Yng, new Taipei City, Taiwan) in argon atmosphere at 400 ◦C,
600 ◦C, and 800 ◦C and subjected to air cooling and induced phase transformation. The test specimens
were labeled 400-AC, 600-AC, and 800-AC, respectively.

The normal direction (ND) of the specimen was set as parallel to the laser direction, where the
direction vertical to the laser direction was called the side direction (SD). After being polished with
SiC paper (from #80 to #5000), Al2O3 aqueous solution (1 and 0.3 μm), and a 0.04 μm SiO2 polishing
solution, the specimens were etched with Keller’s reagent (1 mL HF + 1.5 mL HCL + 2.5 mL HNO3

+ 95 mL H2O) to examine the microstructure. The microstructure of the specimens was observed
using optical microscopy (OM, OLYMPUS BX41M-LED, Tokyo, Japan), and X-ray diffractometry (XRD,
Bruker AXS GmbH, Karlsruhe, Germany) was used for identification of the microstructural phases.
Hardness measurements were valuated using the Rockwell hardness test (Mitutoyo, Kawasaki-shi,
Japan). The measurement conditions for the HR test followed the C-scale (the indenting load 150 kg),
and the mean value for five impressions was taken as the hardness of the corresponding condition.

Table 1. Chemical composition of SLM Ti-6Al-4V (wt.%).

Element Al V O N C H Fe Ti

wt.% 6.13 3.80 0.20 0.05 0.08 0.01 0.30 Bal.

Table 2. Process parameters of SLM Ti-6Al-4V.

Particle Size (μm) Laser Power (w) Laser Radius (μm) Scanning Velocity (mm/s) Layer Thickness (μm)

15–45 170 35 800 30

The dimensions of the SLM Ti-6Al-4V tensile specimen are shown in Figure 1. The tensile test
was performed with an universal testing machine (HT-8336, Hung Ta, Taichung, Taiwan), with the
crosshead speed at 1 mm/min, which corresponded to the initial strain rate of 18.33 × 10−4 s−1. The AS
and the heat-treated different temperatures specimens were subjected to a room temperature tensile test
to analyze the mechanical properties of SLM Ti-6Al-4V. There were at least three specimens for each test
and the mean value of the test specimens was taken as the tensile results of the corresponding condition.

Figure 1. Dimensions of the selective laser melting (SLM) Ti-6Al-4V tensile specimen.
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Regarding the high temperature tensile properties, titanium alloys are often applied in a high
temperature environment of 250–400 ◦C [17]; therefore, tensile tests were carried out at 250 ◦C, 300 ◦C,
350 ◦C, and 400 ◦C to investigate the influence of temperature on the mechanical properties of SLM
Ti-6Al-4V. There are at least three specimens for each test and the mean value of the test specimens was
taken as the tensile results of the corresponding condition.

The equipment used in the erosion test is shown in Figure 2. Al2O3 particles were used,
for which the average particle size was approximately 450 μm and scanning electron microscope (SEM)
morphology is shown in Figure 3. The specimens were polished with #80 to #1000 SiC papers to remove
the oxidized layer and soaked in acetone for ultrasonic cleaning before the erosion test. Then, 200 g of
the erosion particles under a compressed air flow of 3 kg/cm2 (0.29 MPa) were subjected to the erosion
test [14,15], for which the impact angles were 15◦, 30◦, 45◦, 60◦, 75◦, and 90◦ to compare the erosion
behavior of needle-like α’ phase in the AS specimen and the plate-like α + β phase in 800-AC specimen.
According to previous reports, the maximum erosion rate of the general ductile material takes place
at about 20◦–30◦, but brittle materials, such as ceramics and glass, have maximum erosion rates at
about 90◦ [14,15]. The erosion rate (ER% = δW/Wtotal particles) of a specimen is defined as its weight loss
(δW) divided by the weight of the total erosion particles (Wtotal particles). Finally, optical microscopy
and a scanning electron microscope (SEM, HITACHI SU-5000, HITACHI, Tokyo, Japan) were used to
examine the surface and subsurface of the erosion specimens and to determine the erosion mechanism.
All heat treatment conditions and measurements are shown in Table 3.

Table 3. Heat treatment condition and measurements.

Sample
Heat Treatment

Condition
Room Temperature

Tensile Test
High Temperature

Tensile Test
Particles Erosion

Test

AS - � � �

400-AC 400 ◦C/4 h→ air cooling � - -

600-AC 600 ◦C/4 h→ air cooling � - -

800-AC 800 ◦C/4 h→ air cooling � - �

Figure 2. The particle erosion test apparatus. (A) Compressed air flow, (B) erosion particle supplier, (C)
erodent nozzle, (D) specimen, and (E) specimen holder; θ = impact angle.
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Figure 3. Scanning electron microscope (SEM) morphology of Al2O3 erosion particles.

3. Results and Discussion

3.1. Microstructures and Phases

Figure 4 shows the microstructures of the as-SLM Ti-6Al-4V subjected to heat treatment at different
holding temperatures. Figure 4a shows the normal direction microstructure of AS, where it can
be observed that a large number of needle-like phases are surrounded by a network profile with a
diameter of approximately 80 μm. Figure 4b shows the same needle-like structure, therefore the AS is a
needle-like structure as a whole. The normal direction and side direction microstructures were subjected
to heat treatment at 400 ◦C for 4 h, as shown in Figure 4c,d, respectively. The microstructure of 400-AC
is similar to that of AS, which is comprised of needle-like α’ phases as a whole. Similar microstructures
can also be seen at 600-AC, as shown in Figure 4e,f. In addition, white plate-like α phases were
produced at 600 ◦C. Figure 4g,h shows that the microstructure of 800-AC is different from that of
AS, 400-AC, and 600-AC. At 800 ◦C, a significant phase transformation occurred, and the α’ phases
disappeared and were substituted with continuous lamellar α + β phases comprising white α phases
surrounded by black β phases.

  
(a) (b) 

Figure 4. Cont.
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(c) (d) 

  
(e) (f) 

  
(g) (h) 

Figure 4. Microstructures in the (a) normal direction of as-SLM Ti-6Al-4V (AS), (b) side direction of AS,
(c) normal direction of 400-AC, (d) side direction of 400-AC, (e) normal direction of 600-AC, (f) side
direction of 600-AC, (g) normal direction of 800-AC, and (h) side direction of 800-AC.

The β peak at 600 ◦C and the presence of the α/α’and β peaks at 800 ◦C were confirmed with a
XRD analysis, as shown in Figure 5. The XRD patterns are referenced from a previous report [18].
This indicates that when the heat treatment temperature increases up to 600 ◦C, the β-phase will be
generated. According to a previous report [19,20], as shown in Figures 4 and 5, there is only an α’
phase in AS. The equiaxed β phases were preferentially formed above the β-transform temperature
during the cooling process. Because of the extremely high temperature gradient in quenching [21,22],
the β phases were completely transformed into the needle-like martensitic α’ phase. According to
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the Xu et al. report [19], when the AS specimen was heated to 400 ◦C, the α phases were precipitated,
where the phase transformation mechanism was α’→ α’ + α. When AS specimen is heated to 600 ◦C,
the temperature is higher than the martensitic transformation temperature (575 ◦C), plate-like α phases
precipitate around the α’ phases, and a small amount of β phases precipitate on the α phase boundaries
as hold time increases, where the mechanism of phase transformation is α’→ α’ + α + β. When AS
specimen is heated to 800 ◦C, the α’ phases completely disappear, and transformation to the continuous
lamellar α + β phase occurs, for which the phase transformation mechanism is α’→ α + β.

Figure 5. X-ray diffraction pattern of AS, 400-AC, 600-AC, and 800-AC specimens.

3.2. Mechanical Properties

Figure 6 shows the hardness (normal direction) comparison of AS, 400-AC, 600-AC, and 800-AC.
The hardness of AS, 400-AC, and 600-AC is similar, but when the heat treatment temperature increases
up to 800 ◦C, the hardness decreases because α’ phases are completely transformed into α + β phases.

Figure 6. Hardness of AS, 400-AC, 600-AC, and 800-AC (normal direction).
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The room temperature tensile properties of AS, 400-AC, 600-AC, and 800-AC are shown in Figure 7,
with the mean value of the mechanical properties list in Table 4. It can be seen that the strength of
400-AC is significantly higher than that of AS. According to previous reports [23,24], the tensile strength
can be improved by the precipitation of α phases in the grains or on the boundaries, and the residual
stress is also reduced by a 400 ◦C heat treatment, so the strength of 400-AC is higher than that of AS.

 

Figure 7. Tensile properties of AS, 400-AC, 600-AC, and 800-AC at room temperature for (a) strength
and (b) ductility.

Table 4. Room temperature tensile properties of AS, 400-AC, 600-AC, and 800-AC. (YS: yield strength;
UTS: ultimate tensile strength; UE: uniform elongation; TE: total elongation).

Test Specimen YS (MPa) UTS (MPa) UE (%) TE (%)

AS 1025 1210 2.6 7.8
400-AC 1300 1410 1.7 3.9
600-AC 1175 1210 1.9 4.6
800-AC 925 980 2.9 4.9

The β phases begin to precipitate, and the strength gradually decreases with increases in the heat
treatment temperature, and the strength is similar to AS at 600 ◦C, but the strength at 800 ◦C is lower
than that of AS because the α’ phases are completely transformed into the α + β phases. On the other
hand, the ductility increases as the heat treatment temperature increases, but is still less than 10% and
less than that of AS. The precipitation of the α phases increases the strength but significantly decreases
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the ductility. Increases in the ductility are attributed to the formation of β phases, and α’ phases are
completely transformed into α + β phases upon increases in the heat treatment temperature. In other
words, the precipitation of the α phases contributes to the improvement of tensile strength, where the
increase in ductility can be attributed to the formation of the β phases.

Figure 8 shows the morphology of the tensile fracture surfaces of AS, 400-AC, 600-AC, and 800-AC
at room temperature. Dimpled ductility structures can be observed in all specimens. In addition, some
cleavage facets can be observed in 400-AC, which is consistent with its low ductility.

 

 
Figure 8. Morphologies of tensile fracture surfaces at room temperature for (a) AS, (b) 400-AC,
(c) 600-AC, and (d) 800-AC.

Figure 9 shows the high temperature tensile properties of AS, and the mean value of the mechanical
properties is listed in Table 5. The strength decreases slowly as the temperature increases. The UTS is
close to 1000 MPa and the YS is about 800 MPa at 400 ◦C, indicating that the phase transformation α’→α

+ β is exhibiting decreased strength. Compared to previous reports [25,26], the strength of commercial
Ti-6Al-4V has a dramatic decrease whilst the temperature increases. Apparently the as-SLM Ti-6Al-4V
could maintain a certain strength under 400 ◦C. In terms of ductility, there is first an increasing and
then a decreasing trend, with the total elongation (TE) close to 10% at 250 ◦C–300 ◦C, which means the
3D-printer titanium alloy can be used in medium temperature applications. It is worth noting that the
ductility at 400 ◦C is similar to that of AS, which implies that it is affected by a smallα phase precipitation
effect. In summary, the tensile properties of 350 ◦C are most applicable with the highest values in
uniform elongation (UE). Figure 10 shows macroscopic morphology photographs of high temperature
tensile fracture specimens, though there is not an obvious shrinkage phenomenon in any of the
specimens, and there is no hole expansion at the location of the inserted pin. The macroscopic fracture
morphology becomes gradually flatter from a zigzag pattern as the tensile temperature increases.
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Figure 9. High temperature tensile properties of AS for (a) strength and (b) ductility.

Table 5. High temperature tensile properties of AS.

Test Specimen YS (MPa) UTS (MPa) UE (%) TE (%)

AS 1025 1210 2.6 7.8
250 ◦C 1000 1203 3.1 9.7
300 ◦C 923 1102 3.3 9.6
350 ◦C 873 1107 4.3 9.8
400 ◦C 839 1016 2.8 7.8
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Figure 10. Macroscopic morphology photographs of room temperature and high temperature tensile
fracture specimens.

3.3. Particle Erosion Characteristics and Mechanisms

In order to clarify the difference in erosion characteristics of different matrices, this study chose
AS and 800-AC specimens exhibiting erosion for comparison. Figure 11 shows the erosion data of
AS and 800-AC eroded by Al2O3 particles; there are at least three specimens for each test and the
mean value of the test specimens was taken as the erosion results of the corresponding condition.
The reason for using AS for comparison with 800-AC was due to the fact that the martensitic α’ phases
of AS were completely transformed into the lamellar α + β phases, where the ratio α:β was about
68:32. Because AS and 800-AC exhibited completely different microstructures, the effects of the phase
difference on the erosion wear properties could be fully investigated. Notably, both AS and 800-AC had
maximum erosion rates at 30◦ impact, where the erosion rates decreased with increases in the impact
angle, and the minimum erosion rate at a 90◦ impact resulted in ductile-cutting dominating the erosion
behavior. At all impact angles, the erosion rate of AS was greater than that of 800-AC, indicating the
erosion resistance of the continuous lamellar α + β phases of 800-AC were better than that of AS.
The erosion resistance was positively correlated with the hardness of conventional Ti-6Al-4V alloy [27],
but the result was different in this research. The difference in microstructure caused this result, therefore
we investigated the surface and subsurface morphologies of AS and 800-AC at different impact angles.

Figure 11. The erosion rate as a function of the impact angles of AS and 800-AC.
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Figure 12a shows the surface morphology of AS at 30◦ impact, where lips and grooving can be
seen on the surface. Figure 12b shows the surface morphology of AS at 90◦ impact, where pits formed
by erosion wear can be seen. Figure 12c shows the surface morphology of 800-AC at 30◦ impact, where
compared with the lips on the AS surface, the surface morphology of 800-AC was completely cut by
erosion particles and the lips of the erosion subsurface were smaller. Figure 12d shows the surface
morphology of 800-AC at 90◦ impact, where pits formed by erosion wear can also be seen, similar
to AS. However, some scratch marks could also be observed on the surface of 800-AC at 90◦ impact.
This phenomenon indicated that the specimen was deformed by squeezing first and then was stripped
by the erosion particles.

 

 
Figure 12. Surface morphologies of AS at (a) 30◦ and (b) 90◦. Surface morphologies of 800-AC at (c) 30◦
and (d) 90◦.

Figure 13a shows subsurface morphologies of AS at 30◦ impact, where lips caused by erosion
particles can be found on the subsurface in the circled area. Figure 13b shows subsurface morphologies
of AS at 90◦ impact, where both narrow and deep pits can be observed, and subsurface morphologies
of 800-AC at 30◦ impact, where almost no lips can be observed (Figure 13c). They are replaced by
smoother features resulting from erosion particles. Figure 13d shows the subsurface morphologies of
800-AC at 90◦ impact, where the pits that can be observed in 800-AC are wider and shallower than
those in AS. Notably, the surface roughness of erosion subsurface is lower than that of AS-90◦ impact.
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Figure 13. Subsurface morphologies of AS at (a) 30◦ and (b) 90◦. Surface morphologies of 800-AC at
(c) 30◦ and (d) 90◦.

Figure 14 provides the erosion mechanism schematic diagrams of AS and 800-AC at impacts of
30◦ and 90◦, respectively. Figure 14a is the erosion mechanism of AS at 30◦ impact, where it can be seen
that due to the inability of the needle-like martensitic α’ phases to prevent erosion wear due to erosion
particles, the lips are formed by the cutting mechanism. When AS is eroded by erosion particles at
90◦ impact, the surface of the specimen is subjected to the positive impact of erosion particles, which
form squeeze features on the erosion wear surface, but the positive impact resistance of AS is weaker
than that of 800-AC, thus resulting in the formation of deeper pits, as shown in Figure 14b. When the
800-AC is inclined and eroded by erosion particles at 30◦ impact, the lamellar α + β phases process
smaller and fewer lips, as shown in Figure 14c. Figure 14d shows the erosion wear behavior of 800-AC
at 90◦ impact, where some of the continuous lamellar α + β phases are scraped offwhen the erosion
particles have a positive impact. However, the damage characteristics are not significant.
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Figure 14. Particle erosion mechanism of AS at (a) 30◦ and (b) 90◦. Particle erosion mechanism of
800-AC at (c) 30◦ and (d) 90◦.

According to the discussion above regarding the eroded surface morphology, including the
subsurface morphology of the erosion and the erosion mechanism, although the ductility of 800-AC
was not as good as that of AS, its continuous lamellar α + β phases were tough enough to limit the
ability of the erosion particles to scrape off the material at all impact angles. Thus, the erosion resistance
of 800-AC was determined to be better than that of AS. The SLM Ti-6Al-4V specimen must be heat
treated to have wear resistance.

4. Limitations

The particle erosion induced phase transformation on 3D titanium alloy needs further investigation
and analysis.

5. Conclusions

(1) The microstructure of as-SLM Ti-6Al-4V appears as a needle-like martensitic α’ phase.
Depending on different heat treatment temperatures, there are different phase compositions. The phase
composition of 400 ◦C is α’ + α, 600 ◦C is α’ + α + β, and at 800 ◦C, the α’ phase is completely
transformed into the lamellar α + β phases. The phase composition of 800-AC is α + β.

(2) For the SLM Ti-6Al-4V specimen, the high temperature strength decreases as the temperature
continues to increase after 400 ◦C, and the ductility increases as the temperature rises. The as-SLM
Ti-6Al-4V could maintain a certain strength under 400 ◦C. Among the specimens, the highest UE is at
350 ◦C, so the tensile properties at 350 ◦C are most appropriate for the application of interest.

(3) Both AS and 800-AC had maximum erosion rates at 30◦ impact, and minimum erosion rates
at 90◦ impact, where ductile failure dominated the erosion behavior. The continuous lamellar α +

β phases of 800-AC were tough enough to limit the ability of the erosion particles to scrape off the
material at all impact angles.
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Abstract: The effect of Fe addition on the high-temperature mechanical properties of heat-resistant
aluminum alloys produced by selective laser melting (SLM) was investigated in relation to the alloy
microstructures. Fe is generally detrimental to the properties of cast aluminum alloys; however, we
found that Fe-containing alloys produced by SLM had improved high-temperature strength and good
ductility. Microstructural observations revealed that the increase in the high-temperature strength of
the alloys was due to the dispersion of fine rod-shaped Fe-Si-Ni particles unique to the SLM material
instead of the cell-like structure of eutectic Si.

Keywords: aluminum alloys; selective laser melting; high-temperature deformation; microstructure

1. Introduction

Selective laser melting (SLM) is an additive manufacturing method in which three-dimensional
structures are formed by repeated melting and solidification of a metal powder by a laser [1]. SLM has
been applied to various metal materials [2]. From a metallurgical perspective, the biggest advantage
of SLM is that the cooling rate is much faster than that of the conventional casting method [3], and
a characteristic microstructure is formed in the metals and alloys produced by SLM due to rapid
solidification. In many studies, SLM has been applied to cast Al alloys containing 10–12% Si [4–9].
The microstructure of these alloys features a half-cylindrical melt pool [4,6] and a eutectic Si cellular
structure [4–7] formed by quenching solidification due to the repeated laser scanning melting and
solidification. This unique microstructure makes the room-temperature strength of SLM alloys higher
than that of cast Al alloys [10,11] or Al alloys made by powder metallurgy [12]. The improvement of
the room-temperature strength of Al alloys by SLM has been explained by the cellular structure of fine
Si particles [12].

An important mechanical property for engine piston materials that are required to be lightweight
to reduce inertia is high-temperature strength to withstand high pressure from combustion gases, even
for small parts, as well as wear resistance. Heat-resistant cast Al alloys, obtained by adding an element
such as Fe, Ni, Cu, or Mg to an Al–Si alloy near to the eutectic composition, are mainly used as a piston
material in automobile engines. The demand for materials that retain their mechanical properties
at high temperatures (250–350 ◦C) is increasing owing to the pressure to improve the efficiency and
decrease the emissions of automobile engines. The high-temperature mechanical properties of Al
alloys have been improved by optimizing the number of additional elements [13] or adding various
elements, such as Mn, Ti, Zr, Sc, or Er, to existing heat-resistant Al alloys [14–16].
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Fe is usually present in the Al alloy as an impurity. Fe is detrimental to the properties of cast Al
alloys, but an Fe content of about 1 wt % or less is intentionally added to Al die-cast alloys to suppress
die soldering [17]. If the cooling rate during casting is slow, the addition of Fe causes coarse plate-like
β-Al5FeSi to crystallize, substantially decreasing toughness [18,19]. However, because Fe has a low
diffusion rate in Al, Fe-containing compounds can be used as a dispersion-strengthening phase at high
temperatures. Al alloys produced by pressure sintering of rapidly solidified powders containing large
amounts of Fe show excellent high-temperature strength [20,21]. Thus, if an extremely high cooling
rate is achieved by SLM, it is expected that Al alloys with a high Fe content could be produced without
ductility deterioration. Ma et al. [22] prepared an Al-20Si-5Fe-3Cu-1Mg alloy containing 5 wt % Fe by
SLM and characterized its microstructure, although they did not evaluate the mechanical properties.
In the present work, we used SLM to produce alloys obtained by adding 3–5 wt % Fe to existing
heat-resistant Al alloys and evaluated their high-temperature mechanical properties in relation to the
alloy microstructure on the conditions assuming application in engine piston materials.

2. Materials and Methods

Table 1 shows the composition of the alloys prepared in this study. The chemical composition
of these alloys was based on a conventional heat-resistant alloy AlSi-12CuNiMg (known as AC8A in
Japan) and 3% or 5% Fe added to it (in this paper, all percentages for the chemical composition are wt
% unless otherwise stated). The sample, equivalent to the chemical composition of the conventional
alloy, is referred to as Base alloy, and the samples containing 3% or 5% Fe are referred to as Base + 3Fe
or Base + 5Fe, respectively. The SLM alloy powders, which had a true spherical shape as shown in
Figure 1, were prepared by atomization at Toyo Aluminium K.K (Hino, Japan). The compositions of
the alloy powders are shown in Table 1.

Table 1. Chemical compositions of the alloys (wt %).

Alloy Al Si Cu Mg Ni Fe

Base bal. 11.6 0.97 0.96 1.0 0.1
Base + 3Fe bal. 11.6 0.97 0.96 1.0 3.0
Base + 5Fe bal. 11.6 0.97 0.96 1.0 5.0

Figure 1. SEM image of the selective laser melting (SLM) powder of Base + 5Fe alloy.

An industrial three-dimensional printer (M280, EOS GmbH, Krailling, Germany) was used
for SLM and the details of the manufacturing conditions are summarized in Table 2. Rectangular
parallelepipeds of 10 mm × 10 mm × 40 mm or 80 mm (stacking height × width × length) were
produced. The energy density, E (J/m3), was calculated by the following formula [23,24]:
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E =
P

hvw
(1)

where P (J/s) is the laser power, h (m) is the scan line spacing, v (m/s) is the scan rate, and w (m) is the
single-layer thickness of the powder. The energy density is the amount of energy of the irradiation
beam per unit volume applied to the powder material and is an important condition for producing a
sound SLM body. Also, preheating of the substrate was also necessary to suppress destruction of the
SLM body during SLM. The conditions summarized in Table 2 are values found to be optimal from
prior examinations for producing the SLM bodies of the present alloy.

Table 2. Parameters of selective laser melting.

Powder Size 45 μm

Layer thickness 30 μm
Stacking speed approx. 3 mm/h
Stacking height 10 mm
Laser beam size 100 μm

Energy density of laser 7.3 × 1010 J/m3

Preheat temperature 200 ◦C

In AlSi-12CuNiMg (AC8A), which was the Base alloy in this work, Cu and Mg are added at 1%,
so T6 treatment causes age hardening. When this alloy is practically applied to piston materials, it is
used after T6 treatment. Therefore, we prepared a T6-treated sample for comparison with conventional
materials. A piston material that is used at a high temperature of about 300 ◦C for a long time is required
to have a stable microstructure at the temperature used. In addition, the rapidly solidified SLM material
is a highly supersaturated solid solution (SSSS) in the as-built state. Elements are dissolved in the
supersaturation precipitate during high-temperature holding, causing dimensional change of the SLM
body. In the case of engine pistons, this causes serious problems. Therefore, annealing was performed at
300 ◦C in order to make the strength and dimensional changes less likely to occur when used for a long
time at high temperatures by causing precipitation from an SSSS and growth of precipitates in advance.

Two series of samples with different heat-treatment sequences for the SLM bodies were prepared.
In the first series, the samples were annealed at 300 ◦C after heat treatment equivalent to T6: 510 ◦C
for 2 h (water quenching) followed by 170 ◦C for 4 h (air cooling). In the second series, the samples
were annealed at 300 ◦C. The annealing details are described later. The first series of samples is called
SLM-T6 and the second is called SLM-annealed. For comparison, two series of mold-cast samples made
from Base alloy and Base + 3Fe alloy powders were prepared and subjected to the same heat-treatment
sequences. The series subjected to T6 heat treatment is called cast-T6, and the series annealed at
300 ◦C is referred to as cast-annealed. The cast-T6 Base alloy was a sample equivalent to conventional
AlSi-12CuNiMg alloy for practical use. All the samples were annealed at 300 ◦C for 10 h followed by
air cooling before processing to a tensile test piece. The samples were sliced into flat plates 10 mm ×
1.5 mm × 40 mm in size with the plate surface perpendicular to the stacking direction. Then, plates
were punched into dog-bone-shaped test pieces with a length of 12 mm and a width of 4 mm for the
gauge part. The bending caused by punching was smoothed by grinding. The rough surface of the
as-produced SLM material was removed in the sample processing. To remove strain, the tensile test
pieces were subjected to additional strain-relieving annealing at 300 ◦C for 2 h. The heat-treatment
history of all the samples is summarized in Figure 2. The grain size of the SLM material after heat
treatment was about 20 μm, regardless of the heat-treatment conditions.

The tensile test was carried out at 300 ◦C. The test piece was placed in an electric furnace,
and after holding the furnace temperature at 300 ◦C for about 1 h, the tensile test was started at a
strain rate of 6.9 × 10−3 s−1. The microstructures were characterized by observing the backscattered
electron (BSE) images obtained by field-emission scanning electron microscopy (SEM; ULTRA 55,
Carl Zeiss, Oberkochen, Germany) and the high-angle annular dark field (HAADF) images obtained
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by scanning transmission electron microscopy (STEM; TITAN Cubed G2, FEI, Waltham, MA, USA).
Element mapping by energy-dispersive X-ray spectroscopy (EDS) using STEM was also performed.
The samples for the SEM observations were finished by colloidal silica polishing. Thin-film samples
for the STEM observations were prepared by focused ion beam microsampling.

Figure 2. Heat-treatment history of (a) SLM-T6 and cast-T6 and (b) SLM-annealed and cast-annealed.

3. Results and Discussion

Figure 3 shows the true stress–true strain curves of the SLM-annealed, cast-annealed, SLM-T6, and
cast-T6 materials at 300 ◦C. The ultimate tensile strength (UTS) of the SLM-annealed Base alloy was
77 MPa and the elongation to fracture (EL) was about 31%. On the other hand, the UTS and the EL for
the cast-annealed Base alloy were 67 MPa and 11%, respectively. The alloy produced by SLM had good
ductility but did not differ much from the cast material in high-temperature strength. However, the
SLM-annealed Fe-containing alloys showed higher UTS than the SLM-annealed Base alloy at 300 ◦C.
The UTS of the SLM-annealed Base + 3Fe and Base + 5Fe alloys at 300 ◦C were 165 and 185 MPa,
respectively. The UTS increased with the amount of Fe. The UTS of the cast-T6 Base alloy, which can
be considered as the conventional AlSi-12CuNiMg alloy, was 94 MPa. The UTS of the SLM-annealed
Base + 5 Fe alloy at 300 ◦C reached about twice that of the cast-T6 Base alloy. The high-temperature
strength of the Base alloy produced by casting was increased by the T6 heat treatment. In contrast, for
alloys made with SLM, T6 heat treatment caused a reduction in strength. This deterioration of the UTS
was remarkable in the Fe-containing alloys.

The UTS and the EL at 300 ◦C of the sample prepared in this study and the novel cast Al alloys
recently reported [25–28] are summarized in Table 3. The UTS at 300 ◦C of the Fe-added SLM alloys
was comparable to that of novel cast Al alloys, the strength of which is improved by the addition of
Sr, Ti, Zr, and V. However, it should be noted that UTS at high temperatures depends on the strain
rate. Since the strain rate in this study was larger than the literature value, it was considered that
UTS was evaluated somewhat higher. The elongation to fracture of the SLM-annealed Base + 3Fe
and Base + 5Fe alloy at 300 ◦C was 20% and 24%, respectively, values which were larger than those
of the cast-T6 Base alloy or other novel cast Al alloys [25,26]. The cast Fe-containing alloys were so
brittle that the specimens were destroyed when the they were punched; thus, the tensile test could not
be performed for these materials. When a large amount of Fe is added to cast Al alloys, the coarse
plate-shaped β-Al5FeSi phase crystallizes out. Pores are formed in the material because the molten
metal cannot fill the region surrounding the coarse plate-shaped particles [29], and the toughness is
degraded. The Fe-containing alloys produced by SLM showed elongation to fracture of at least 20% at
300 ◦C. Thus, using SLM allowed Fe to be added without impairing toughness. In general, there is
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a trade-off between strength and ductility. However, the SLM-annealed Base + 3Fe and Base + 5Fe
alloys had high strength and ductility. That is, a material which has a good strength-ductility balance
can be produced by using SLM. Similar results have been reported in previous studies and have been
explained by the microstructure specific to SLM [11,30].

Figure 3. True stress-true strain curves of the SLM material and cast material at 300 ◦C for (a)
SLM-annealed and cast-annealed and (b) SLM-T6 and cast-T6.

Table 3. Summary of the tensile properties at 300 ◦C.

Alloy
Production

Method
Heat Treatment

Strain Rate
(s−1)

UTS
(MPa)

EL
(%)

Ref.

cast-T6 Base (Al-12Si-1Cu-1Mg-1Ni) cast T6 + 300 ◦C-12 h 6.9 × 10−3 94 12 This work
SLM-annealed Base SLM 300 ◦C-12 h 6.9 × 10−3 77 31 This work

SLM-annealed Base + 3Fe SLM 300 ◦C-12 h 6.9 × 10−3 165 20 This work
SLM-annealed Base + 5Fe SLM 300 ◦C-12 h 6.9 × 10−3 185 24 This work

Al-7Si-1Cu-0.5Mg-0.1Fe-Sr-Ti-Zr-V cast T6 1.3 × 10−3 132 12 [25]
Al-13Si-5Cu-0.6Fe-0.6Mn-Mg-Ni-Ti-Zr cast T6 ~1.7 × 10−3 144 7 [26]

Al-9Si-2Cu-0.5Mg-0.2Ni-Sr-Ti-Zr cast as cast 4.0 × 10−4 172 - [27]
Al-7Si-1Cu-0.5Mg-0.1Fe-Sr-Ti-Zr-V cast as cast 1.0 × 10−3 189 - [28]

Using SLM with the Base alloy did not dramatically increase the high-temperature strength;
however, the Base + 3Fe and Base + 5Fe alloys were strengthened by SLM because of the addition
of Fe. The microstructures of these alloys were observed to reveal the reason for the remarkable
strengthening by Fe addition. Figure 4 shows the SEM-BSE images of alloys prepared by casting and
SLM. In Figure 4, it should be noted that the cast and SLM materials have different scales. In the
cast-annealed Base alloy, coarse particles of Chinese script shape or rod shape were observed. These
particles were further coarsened by T6 treatment. In the SLM-annealed materials, second-phase particle
cells were observed. In the Base alloy, there was a small amount of bright equiaxed particles, whereas
in the Fe-containing alloys, there was a large amount of bright rod-shaped particles. In the SLM-T6
materials, both bright equiaxed particles and bright rod-shaped particles were coarsened and no
cellular structure was observed.

Figure 5 shows the STEM-EDS mapping of the constituent elements of the second-phase particles
in the SLM-annealed Base and Base + 3Fe alloys. In the SLM-annealed Base alloy, Si, Mg, and Cu-Ni
particles formed a cellular structure. In the SLM-annealed Base + 3Fe alloy, in addition to these particles,
there were many rod-shaped particles consisting mainly of Fe, Si, and Ni. In the EDS element map,
particles only enriched with Si were eutectic Si. Eutectic Si is present in cells formed in the Al-Si binary
alloy produced by additive manufacturing [4–7]. In the SEM-BSE images (Figure 4), the particles
that were slightly brighter than the Al matrix corresponded to eutectic Si. The Si particles in the
SLM-annealed materials were about 200 nm in size, whereas the particles were coarsened to several
micrometers in the SLM-T6 materials. The bright, equiaxed particles in the SEM-BSE images of the Base
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alloy were Cu-Ni particles. Based on the EDS element map, the Fe-Si-Ni particles in the SLM-annealed
Base + 3Fe alloy were characteristic rod-shaped particles with a width of 100 nm or less and a length of
several hundred nanometers. Based on the shape of the particles, the bright rod-shaped particles in the
SEM-BSE images of the Fe-containing alloys corresponded to these Fe-Si-Ni particles.

 
Figure 4. SEM-backscattered electron (BSE) images of cast and SLM alloys. (a) Cast-annealed Base, (b)
SLM-annealed Base, (c) SLM-annealed Base + 3Fe, and (d) SLM-annealed Base + 5Fe, (e) Cast-T6 Base,
(f) SLM-T6 Base, (g) SLM-T6 Base + 3Fe, and (h) SLM-T6 Base + 5Fe alloys.

Figure 5. Scanning transmission electron microscopy–high-angle annular dark field (STEM-HAADF)
images and corresponding energy-dispersive X-ray spectroscopy (EDS) element maps for (a)
SLM-annealed Base and (b) SLM-annealed Base + 3Fe.
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The Fe-Si-Ni particles in the Base + 3Fe alloy were finer than those in the Base + 5Fe alloy. Similar
to the Si particles, the rod-shaped Fe-Si-Ni particles were coarsened by T6 treatment. T6 treatment
coarsened the Si particles and destroyed the cellular structure of Si characteristic of the SLM materials.
However, as shown in Figure 3, the UTS at 300 ◦C of the SLM-annealed Base alloy and SLM-T6 Base
alloy were 77 and 69 MPa, respectively, which were not significantly different. Therefore, in contrast to
the room-temperature strength [12], the cell structure of the Si particles did not contribute to an increase
in high-temperature strength. This is also clear from that the UTS of the Base alloys produced by SLM
and casting were almost the same in annealed condition. The ductility of the SLM-T6 Base alloy was
improved compared with the cast Base alloys, though both alloys contained coarse Si particles. The Si
particles in the SLM material that exhibited good ductility had an equiaxed shape, whereas those of
the cast material had a Chinese script shape or rod shape. Therefore, it is considered that the equiaxial
shape of the Si particles contributed to the improvement of the ductility of the SLM material.

In contrast to the Base alloy, the UTSs of the SLM-T6 Base + 3Fe and Base + 5Fe alloys at 300 ◦C
were about 40% lower than the corresponding SLM-annealed alloys. The T6 treatment coarsened the
Si and Fe-Si-Ni particles in the Fe-containing alloys. Because the high-temperature strength did not
increase only with the fine cellular Si particles, we concluded that the fine dispersion of rod-shaped
Fe-Si-Ni particles was the main reason that the SLM-annealed Base + 3Fe and Base + 5Fe alloys had
excellent high-temperature strength. These fine particles were present even after annealing at 300 ◦C for
12 h; thus, they were stable at temperatures up to 300 ◦C and were useful for dispersion strengthening
at high temperatures. In the annealed material, the rod-shaped Fe-Si-Ni particles formed cells together
with Si particles. In future research, we intend to examine the effects of cellular particle distribution
and cellular morphology on high-temperature strength.

4. Conclusions

• The Base alloy produced by SLM had superior ductility, although the tensile strength at 300 ◦C
was similar to those manufactured by casting.

• The Base alloy manufactured by SLM had a fine cell structure of Si formed by the rapid solidification
unique to this method. Although this microstructure did not increase the high-temperature
strength of the material, it contributed to improving the ductility.

• Applying T6 treatment, which is commonly used for cast alloys, to the Base alloy produced by
SLM destroyed the fine Si cell structure.

• The Fe-containing alloys produced by SLM showed better high-temperature strength while
maintaining good ductility. This was caused by Fe being dispersed as fine Fe-Si-Ni particles due
to the quenching solidification unique to SLM.
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Abstract: Laser powder bed fusion (LPBF) is useful for manufacturing complex structures; however,
factors affecting the forming quality have not been clearly researched. This study aimed to clarify
the influence of geometric characteristic size on the forming quality of solid struts. Ti–6Al–4V
struts with a square section on the side length (0.4 to 1.4 mm) were fabricated with different
scan speeds. Micro-computed tomography was used to detect the struts’ profile error and defect
distribution. Scanning electron microscopy and light microscopy were used to characterize the
samples’ microstructure. Nanoindentation tests were conducted to evaluate the mechanical properties.
The experimental results illustrated that geometric characteristic size influenced the struts’ physical
characteristics by affecting the cooling condition. This size effect became obvious when the geometric
characteristic size and the scan speed were both relatively small. The solid struts with smaller
geometric characteristic size had more obvious size error. When the geometric characteristic size
was smaller than 1 mm, the nanohardness and elastic modulus increased with the increase in scan
speed, and decreased with the decline of the geometric characteristic size. Therefore, a relatively high
scan speed should be selected for LPBF—the manufacturing of a porous structure, whose struts have
small geometric characteristic size.

Keywords: selective laser melting; Ti–6Al–4V alloy; metallurgical quality; mechanical properties

1. Introduction

As a unique type of structural and functional material, a porous structure has unique advantages in
fields including filtration and separation [1], energy absorption [2], heat exchange [3], electromagnetic
shielding [4], and artificial implants [5], and is widely used in aerospace, automotive, chemical, and
biological medical industries. Depending on the demand, the porous structure can be manufactured
from materials including metal [6,7], ceramics [8], and polymers [9]. With the deepening of their
application, porous structures with function-oriented design have been widely developed to obtain
precise and complex structures, such as porous implants [10]. However, it is difficult to fabricate such
structures using the traditional processing method. Additive manufacturing (AM) techniques are
attracting increasing attention due to their impressive capability to produce precise parts with
a controlled architecture [11]. Using a layer-wise building approach and a direct link with a
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computer-aided design (CAD) model, AM has been described as a crucial production technique
to achieve a more controlled porous structure [12–15]. A recently developed AM technique, the laser
powder bed fusion process (LPBF), usually called selective laser melting (SLM), can directly create
a functional and complex metal part, like a Ti-based porous scaffold for bone tissue engineering,
bringing a high degree of freedom to design [16,17]. Most researchers have focused on evaluating
the function or forming quality of as-designed porous samples fabricated by LPBF using a set of
universal process parameters embedded in the commercial equipment [6,18–22]. However, a porous
structure is composed of the struts or walls, which usually have small geometric characteristic size,
so a set of process parameters with a universal nature may not be optimal for manufacturing porous
structures. A small number of researchers have focused on the impact of process parameters on the
forming quality of LPBF-built porous structures. For example, Liu et al. [23] investigated the effect of
the scan speed on the forming defects, precision, and mechanical properties of biomedical titanium
alloy scaffolds fabricated by LPBF. Ahmadi et al. [24] studied the effects of laser power on features
including the surface roughness, strut diameter, relative density, hardness, and elastic modulus of the
porous structures. In addition, Jamshidinia and Kovacevic found that the thin wall achieved more
heat accumulation during the LPBF process, affecting the forming quality [25]. These findings indicate
that the small geometric characteristic size may be a factor affecting the forming quality of LPBF-built
porous structures.

On the basis of the above statement, the effect of the geometric characteristic size of the objective
part on the forming quality of the solid strut is discussed in this work. The energy density was
introduced to reveal the combined action of scan speed, laser power, hatching space, and layer
thickness [26], which represented the thermal input during the LPBF process. As the most commonly
used material in metal implant fields, Ti–6Al–4V alloy powder was selected for the experiment.
Taking the geometric characteristic size into consideration, the influence rule of the factor on the
forming quality of solid struts fabricated via LPBF using different scan speeds was investigated from
the perspective of thermal transmission. The entire experiment was made up of two steps. Firstly,
struts with different geometric characteristic size were fabricated using different combined process
parameters. Secondly, porous structures with two strut sizes were fabricated with two scan speeds to
verify the analysis in the first step.

2. Materials and Methods

2.1. Materials

Commercial Ti–6Al–4V alloy powder supplied by EOS GmbH was used in the experiment, meeting
ISO 5832-3 and ASTM F1472. As an optimized medical material, the trace elements of Ti–6Al–4V ELI
such as O, N, H, C, and Fe are relatively low in content (Table 1). As shown in Figure 1 (SEM, ΣIGMA,
Zeiss, German), the powder has high sphericity and few satellite spheres with a particle size range of
15–53 μm.

  
(a) (b) 

Figure 1. (a) SEM micrograph and (b) particle size distribution of Ti–6Al–4V powder.
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Table 1. Chemical composition of Ti–6Al–4V powder (wt. %).

Ti Al V O N C H Fe

Bal. 5.90 3.91 0.12 0.05 0.08 0.012 0.3

2.2. Design and Fabrication

Selective laser melting of a porous structure is characterized by a controllable and precise layer-wise
material addition process. This method generates complex structures by selectively melting successive
layers of metal powder using a focused and computer-controlled laser beam (Figure 2a). The specimens
were fabricated using an LPBF machine (EOSINT M290; EOS GmbH, Munich, Germany), which was
equipped with a Yb fiber laser of 400 W with a wavelength range of 1000–1100 nm and a Gaussian
spot, and a building chamber filled with argon gas with an oxygen content below 200 ppm.

 
Figure 2. (a) Schematic of the laser powder bed fusion process; (b) the LPBF machine of EOS M290;
(c) the selected scanning strategy; (d) the as-designed 3D model of solid struts; (e) the as-built Ti–6Al–4V
solid struts; and (f) the as-built Ti–6Al–4V porous structures for the confirmatory experiment.

The volumetric energy density (Ev) was calculated according to Equation (1) [22]:

Ev = P/(v × h × d), (1)

where P is the laser power, h is the hatching space, v is the scan speed, and d is the layer thickness.
This equation takes the most important laser parameters into account and is suitable for calculating
the thermal input during the LPBF process. An inside to outside scanning strategy with a meander
hatch style was selected. The meander hatch direction rotated by an angle of 67◦ in the following layer
(Figure 2c).

A porous structure is generally made up of struts with relatively small size and various angles.
In this work, the sample model consisted of struts with angles of 0◦, 45◦, and 90◦, which had a square
section with a side length (Ls) of 0.4 to 1.4 mm (Figure 2d). Three sets of parameters were used in this
fabrication process, resulting in different volumetric energy densities of 95.24, 51.28, and 35.09 J/mm3

(Table 2 and Figure 2e). To verify the correctness of the analysis, two kinds of porous structures with
as-designed Ls values of 0.6 and 1.4 mm were fabricated via the LPBF process with v values of 700 and
1900 mm/s, respectively (Figure 2f).
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Table 2. The selected process parameters for LPBF-fabrication.

Laser Powder/P
(W)

Scan Speed/v
(mm/s)

Hatch Spacing/h
(mm)

Layer Thickness/d
(mm)

Laser Spot
Diameter/D (mm)

200 700, 1300, 1900 0.1 0.03 0.1

2.3. Measurements and Characterizations

A micro-computed tomography (μCT) scanner (FF35 CT; YXLON International, Hamburg,
Germany) with 5 μm resolution was used to scan the samples at 200 kV and 50 μA. The samples were
rotated over 360◦ in steps of 0.18◦ during the acquisition. Two-dimensional (2D) projection images
(n = 2000) were then collected. The 3D models of the fabricated samples were reconstructed through
slice image data using commercially available software (VG Studio MAX 3.0; Volume Graphics GmbH,
Heidelberg, Germany). The same software was also used to detect the size deviation distribution of
the as-built samples compared to the 3D model with an error of 5 μm (n = 3). The sample section
profile and defect distribution (pores) were then extracted from the CT data. After CT scanning,
the struts with the same square were cut off together from the base plate via wire electrical discharge
machining (WEDM). The relative density of struts with the same square section was measured using
the Archimedes method on each set of samples. The Archimedes test results were calculated based
on a combination of dry weighing and weighing in pure ethanol and on the theoretical density of
4.43 g/cm3 for Ti–6Al–4V. Taking open porosity and the highly developed surface of the samples into
consideration, the samples were coated with wax after the first dry weighing. The relative density
(	relative) of the samples was calculated using Equation (2):

	relative = m1/[(m2 − m3)/	ethanol − (m2 − m1)/	wax], (2)

where m1 is the mass of the sample without a wax coating in air, m2 is the mass of the sample with
a wax coating in air, and m3 is the mass of the sample with a wax coating in pure ethanol. Due to
the weight of the struts being too small, ten samples of each set were measured together, and the
arithmetic mean value of relative density was calculated (n = 10). Taking the small size of the struts
into consideration, nanoindentation tests on the polished sections of as-built struts with an angle of
90◦ were performed using a nanoindenter (G200, Agilent, Ltd., Santa Clara, CA, USA) to evaluate the
mechanical properties, including the elastic modulus and nanohardness. A loading–unloading test
mode was used with a maximum indentation depth of 2000 nm, a loading speed of 10 nm/s, and a
hold time of 10 s (n = 5). The Oliver-Pharr method [27] was then applied to calculate the nanohardness
and elastic modulus. The microstructure of LPBF-produced struts with an angle of 90◦ was observed
using a field-emission scanning electron microscope (S-4800; Hitachi, Ltd., Tokyo, Japan) and a light
microscope (GX41; Olympus, Ltd., Tokyo, Japan). To reveal the microstructure, an etchant containing
50 mL distilled water, 25 mL HNO3, and 5 mL HF was used for the polished samples. The difference in
phase composition was analyzed by X-ray diffraction (XRD) using an X-ray diffractometer (D/max
2500 PC, Rigaku, Ltd., Tokyo, Japan) with Cu Kα radiation at 40 kV with a beam current of 100 mA.
A scan speed of 2◦/min was used for the scan range of 30–80◦ in steps of 0.02◦. The porosity (Φ) of the
fabricated porous structure was obtained from Equation (3):

Φ = 1 − Vporous/Vbulk, (3)

where Vporous is the volume of the LPBF-produced structure measured from reconstructed 3D models
using commercially available software (Magics 21.0.0; Materialise, Leuven, Belgium) and Vbulk is the
total volume of the solid cube that has the same outline size as the porous sample (n = 3). The main
information of all the measuring methods is presented in Table 3.
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Table 3. Measuring objectives and methods in this study.

Objective Method Apparatus

Size deviation and defect
distribution μCT YXLON-FF35 CT, 200 Kv-50 μA, VG Studio MAX 3.0

Relative density Archimedes method SOPTOP-FA2004, 	wax = 0.9 g/cm3, 	ethanol = 0.79 g/cm3

Porosity of porous structure Φ = 1 − (Vporous/Vbulk) Materialise-Magics 21.0.0
Mechanical properties Nanoindentation test Agilent-G200, d = 2000 nm, v = 10 nm/s, t = 10 s

Phase identification XRD Rigaku-D/max 2500 PC, Cu, 40 kV, 100 mA
Microstructure observations SEM and LM S-4800-Hitachi, Olympus-GX41

3. Results

3.1. Morphology Features, Relative Density and Defects

The results of the geometric profile error comparison between the as-built samples and the
as-designed 3D model are presented in Figure 3 and Table 4. As illustrated in Figure 3, the solid struts
with small Ls (0.4, 0.6, 0.8 mm) more easily gained a positive error in size. The higher v made this
phenomenon more obvious. The solid struts with larger Ls (>1 mm) had a more stable size. This was
in agreement with the results shown in Table 4. Under different v values of 1900, 1300, and 700 mm/s,
the struts with an Ls value of 0.4 mm had sizes of 412 ± 20, 465 ± 27, and 489 ± 34 μm, respectively, and
the strut with an Ls value of 1.4 mm had sizes of 1432 ± 15, 1421 ± 23, and 1430 ± 51 μm, respectively.
For the overhanging struts with an angle of 0◦, the actual size was larger than that of the vertical struts.
This was because the molten pool would usually generate many tumor forms on the bottom surface,
owing to the permeation effect, causing an uneven geometric profile and over-dimension as a condition
of low scan speed (Figure 5).

 

Figure 3. Size deviation distribution of the as-built samples compared to the as-designed 3D model.

Table 4. The average values of measured sizes of the solid struts with Ls values of 0.4 and 1.4 mm (unit:
μm, n = 10).

No. Ls (mm)
v (mm/s) Measuring

Place700 1300 1900

1
0.4 489 ± 34 465 ± 27 412 ± 20
1.4 1430 ± 51 1421 ± 23 1432 ± 15

2
0.4 543 ± 43 507 ± 32 498 ± 26
1.4 1427 ± 65 1412 ± 41 1437 ± 38

3
0.4 705 ± 62 654 ± 54 642 ± 31
1.4 1598 ± 76 1553 ± 56 1543 ± 49

The relative density of the as-built samples is depicted in Figure 4. Under the process conditions
of different scan speeds, the struts presented inconsistent variation trends with increasing geometric
characteristic size. On one hand, for the struts with small Ls (0.4, 0.6, and 0.8 mm), the relative
densities of the samples with a v of 1900 mm/s were highest, separately reaching 96.8%, 96.5%, and
96%. The relative density of samples with a v of 700 mm/s was lowest, only reaching 86%, 90%, and
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93%. On the other hand, for the struts with an Ls value of 1.4 mm, the relative density of the samples
with a v of 1300 mm/s was highest, reaching 98.1%, and the relative density of samples with a v of
1900 mm/s was lowest at 95%. Thus, it could be seen that the relative density was sensitive to not only
scan speed but also to the geometric characteristic size.

 
Figure 4. Arithmetic mean value of relative density of struts with different Ls and v values.

In the thresholding CT images shown in Figure 5, the pore distribution of the as-built struts with
different dimensions, angles, and scan speeds is roughly demonstrated. This result echoes the relative
density, as described in Figure 4. It is apparent that the number of pores decreased with the increase in
scan speed for the struts with an Ls value of 0.4 mm, and the struts with an angle of 45◦ or 0◦ tended to
generate pores. However, the struts with an Ls value of 1.4 mm had the least pores in the condition of
a v value of 1300 mm/s.

 
Figure 5. Thresholding single projection CT images of struts with Ls values of 0.4 and 1.4 mm.
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3.2. Phase Identification and Microstructure

Figure 6 shows the X-ray diffraction analysis performed to identify phases of the struts with Ls

values of 0.4 and 1.4 mm under different process conditions. As shown in Figure 6a, a brief observation
of four struts within a wide 2θ range of 30◦ to 80◦ revealed that the LPBF-built Ti–6Al–4V samples’
phase was mainly composed of α/α’ phase. It is known that all of these phases are α’ phases, due to
the large cooling rate caused by laser melting and solidification [28]. For the struts with an Ls value of
1.4 mm, when the scan speed increased, the diffraction peaks broadened considerably and the intensity
decreased, which implied the formation of considerable refined crystal [29]. The XRD characterization
with a small 2θ range of 39.5◦ to 41.5◦ is depicted in Figure 6b. It shows that the refined 2θ locations of
peaks of struts with an Ls value of 1.4 mm generally shifted to the higher 2θ with the increase in scan
speed. In addition, under the process condition of a v of 700 mm/s, the peak of the strut with an Ls

value of 0.4 mm became thinner than that of the strut with an Ls value of 1.4 mm. This means that the
strut with an Ls value of 0.4 mm had a coarser microstructure than did the strut with an Ls value of
1.4 mm. The relatively small geometric characteristic size might have affected the heat dissipation of
newly produced solid struts.

 

Figure 6. X-ray diffraction analysis results of as-built samples: (a) diffraction angle 2θ of 30◦–80◦;
(b) diffraction angle 2θ of 39.5◦ to 41.5◦.

To further understand the microstructural differences, observation using an optical metallographic
microscope and SEM was conducted on the initial microstructure of the X–Y planes perpendicular
to the building direction, and the results are provided in Figures 7 and 8. Figure 7 reveals that the
section microstructure was composed of very fine acicular martensites α’ and primary columnar β
grains with different shapes, which grew along the building direction. The interior of the primary
columnar β grains mainly consisted of relatively coarse acicular martensites α’ throughout the entire
grain. This result is consistent with the findings of the XRD analysis in Figure 6a. Due to the optical
metallographic microscope having relatively low magnification and the generation of multilevel
martensites α’ caused by the repetitive thermal loading of layer-wise laser melting, there was no
obvious difference observed in the acicular martensites of struts with different process conditions.
However, the primary columnar β grains became thicker and coarser with increasing scan speed.
Moreover, as SEM images with 2000×magnification, shown in Figure 8, under the same condition of a
v of 700 mm/s, the martensites α’ in the strut with an Ls value of 0.4 mm were obviously coarser than
that of the struts with an Ls value of 1.4 mm, on the whole.
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Figure 7. Optical images of microstructures of solid struts on the X–Y plane: (a) v = 1900 mm/s, Ls = 1.4
mm; (b) v = 1300 mm/s, Ls = 1.4 mm; and (c) v = 700 mm/s, Ls = 1.4 mm.

 

Figure 8. SEM images of the solid struts microstructure of martensites α’ on the X–Y plane:
(a) v = 700 mm/s, Ls = 1.4 mm; (b) v = 700 mm/s, Ls = 0.4 mm.

3.3. Mechanical Performance

Figure 9a depicts the nanoindentation load–displacement curves measured on the polished
sections of the as-built struts with an angle of 90◦ and Ls values of 0.4 and 1.4 mm. The indentation
depths of the struts with an Ls value of 1.4 mm were larger than those of the struts with an Ls value of
0.4 mm after unloading. As shown in Figure 9b,c, for the struts with a v of 1300 mm/s, the nanohardness
and elastic modulus increased with increasing geometric characteristic size. It is noteworthy that the
nanohardness and elastic modulus increased very slightly and indistinctively after Ls reached 1 mm.
For the struts with an Ls value of 0.4 mm, the nanohardness reached 3.78 to 4.12 GPa and the elastic
modulus reached 96.044 to 110.613 GPa. For the struts with an Ls value of 1.4 mm, the nanohardness
reached 4.12 to 4.4 GPa and the elastic modulus reached 126.42 to 131.57 GPa. Overall, they all
decreased with increasing scan speed.
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Figure 9. (a) Loading–unloading curves; (b,c) the calculated elastic modulus and nanohardness from
the nanoindentation tests.

4. Discussion

The existing experimental results suggested that the geometric characteristic size within a certain
range would affect the physical characteristics of an LPBF-fabricated porous structure, including the
morphology features, relative density, microstructure, and mechanical properties. This phenomenon
can be explained through the simplified thermal transmission model in a laser powder bed fusion
process (Figure 10). As a classical additive manufacturing method using a powder bed, three main
thermal transferring forms occur during the LPBF process: thermal conduction from molten pool to
part, thermal conduction from part to substrate, and thermal radiation from part to atmosphere [30].
It is important to note that thermal conduction between the part and the powder is negligible because
the thermal conductivity coefficient of the metal powder is much smaller than that of the metal part [31].
Therefore, the as-built part could be regarded as a thermal container. According to Equation (1),
the energy density is inversely proportional to the scan speed. The energy density represents its
thermal source strength and the geometric characteristic size in a certain range reflects its own thermal
storage volume and thermal-sinking capability. These two aspects will influence the temperature
distribution of the as-built part. Higher energy density means that the molten pool will receive more
heat from the laser beam, resulting in higher peak temperature, longer keeping time, and decreased
undercooling degree [28]. A geometric characteristic size that is too small means that the molten pool
and as-built part have a poor cooling condition, and less thermal storage volume and interfacial area
with atmosphere and substrate, which results in a lower cooling rate. However, the phenomenon may
gradually emerge when the geometric characteristic size is small enough (<1 mm).
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Figure 10. Diagram of the thermal transmission model in the selective laser melting process. (a) Small
geometric characteristic size; (b) large geometric characteristic size.

As shown in Figure 10, a higher energy density means that the molten pool has less surface
tension and better wettability, absorbing more powder. Due to the layer-wise manufacturing method,
the side surface generally bonds a large quantity of incompletely melted particles, which may need
post treatment for further applications. Based on the above analysis, a geometric characteristic size
that is too small may more easily cause the as-built part to gain more obvious size errors under the
high-scan-speed conditions. This is because the newly forming part will remain at a high temperature
for a longer time under the poor cooling condition. Then, the side wall of the part will bond more
particles, resulting in an obvious size error. The relative density of the LPBF-built part is associated
with pore deficiency. Too high a temperature of the molten pool with too high energy density will
cause the evaporation of elements, generating pores with rounded shapes. Too high a cooling rate
of the molten pool with too low an energy density will cause the incomplete fusion of powder, also
generating pores with sharp shapes and incompletely melted particles. In addition, the poor cooling
condition relating to too small a geometric characteristic size will aggravate pore generation under the
condition of high energy density.

It is known that for metal materials, hardness is closely related to the microstructure. There
is also a loose corresponding relationship between hardness and strength, namely, high hardness
corresponding to high strength. High hardness is attributed to the refinement of the α/α’ phase and β

phase caused by rapid solidification, and much dislocation generation caused by residual stress in
additive-manufactured Ti–6Al–4V parts [32]. The elastic modulus is associated with the residual stress
level to a certain extent [33]. Based on the proposed thermal model, the higher energy density and
small geometric characteristic size cause more thermal input and a poor cooling condition, respectively.
This will weaken the grain refinement strengthening effect and decrease the residual stress, causing a
decline in hardness and strength. A relatively low scan speed and small geometric characteristic size
correspond to a low elastic modulus, which is partially due to the decrease of the residual stress [32].

As is known, the relative density is associated with the pore deficiency, and the porosity is
associated with the size of the as-built struts of a porous structure. As shown in Figure 11, different
from the porous structure with an Ls value of 1.4 mm, the relative density and porosity of the porous
structures with an Ls value of 0.6 mm and a v of 700 mm/s were obviously less than those for the
structures with a v of 1900 mm/s. This finding indirectly indicated that the struts of the porous sample
with an Ls value of 1.4 mm achieved more pores and larger positive size error under the v of 700 mm/s.
In other words, a porous structure with an Ls value of 0.6 mm and a v of 1900 mm/s had a better
forming quality than did those with a v of 700 mm/s. These experimental results are in accordance with
the results shown in Figures 3 and 4, confirming the validity of the above analysis to a certain extent.
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Figure 11. A comparison of the relative density and porosity for samples in the verification experiment.

5. Conclusions

In this study, taking the geometric characteristic size into consideration, samples consisting of
solid struts with different section characteristic sizes (0.4 to 1.4 mm) were fabricated by selective
laser melting with three scan speeds (700, 1300, and 1900 mm/s). The morphology features, relative
density, microstructure, and mechanical properties were measured and a simple thermal model was
presented to systematically explain the effect of geometric characteristic size under different scan speed
conditions. The following was determined:

(1) The geometric characteristic size influenced the physical characteristics of the LPBF-produced
struts by affecting the cooling condition. A small geometric characteristic size resulted in a poor
cooling condition. The effect may only become obvious when the geometric characteristic size is small
(<1 mm).

(2) The relative density of the solid strut with an Ls value of 0.4 mm reached the highest value
of 96.8% when the v was 1900 mm/s, but the relative density of the solid strut with an Ls value of
1.4 mm reached the highest value of 98.1% when the v was 1300 mm/s. The solid strut with smaller
geometric characteristic size had a more obvious size error. To a certain degree, the nanohardness and
elastic modulus increased with increasing scan speed, and decreased with the decline of the geometric
characteristic size when the geometric characteristic size was smaller than 1 mm.

(3) In contrast to the solid bulk forming process, for a superior forming quality, a higher scan
speed should be set for the LPBF-manufacturing of porous structures, especially for structures with
small geometric characteristic size in solid struts.
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Abstract: To improve the precision of the nonhorizontal suspension structure and the forming quality
of the overhanging surface by selective laser melting, the influence of laser power on the upper
surface and the overhanging surface forming quality of 316L stainless steel at different forming angles
was studied in the experiment. The influence of different scanning strategies, upper surface remelting
optimization, and overhang boundary scanning optimization on the formation of overhanging
structures was compared and analyzed. The forming effect of chromium–nickel alloy is better than
316L stainless steel below the limit forming angle in the overhanging structure. The better forming
effect of chromium–nickel alloy can be obtained by narrowing the hatch space with the boundary
optimization process. The experiment results show that the forming of the overhanging structure
below the limit forming angle should adopt the chessboard scanning strategy. The smaller laser
power remelting is beneficial to both the forming of the overhanging surface and the quality of
upper surface forming. The minimum value of surface roughness using the 110 W power laser twice
during surface remelting and boundary scanning 75◦ overhanging surface can reach 11.9 μm and
31.1 μm, respectively. The forming accuracy error range above the limit forming angle is controlled
within 0.4 mm, and the forming quality is better. A boundary count scanning strategy was applied
to this study to obtain lower overhanging surface roughness values. This research proposes a
process optimization and improvement method for the nonhorizontal suspension structure formed
by selective laser melting, which provides the process support for practical application.

Keywords: selective laser melting; nonhorizontal suspension structure; boundary remelting; surface
roughness; forming accuracy

1. Introduction

As a rapid prototyping (RP) technique, selective laser melting (SLM) is a new technology and
widely used in aerospace, automobile manufacturing, medical applications, industrial product design,
architectural design, entertainment products, biotechnology, and other industrial fields [1,2]. SLM is
an additive manufacturing technology and the principle is the discrete stacking which uses the
high-energy laser beam to melt metal powder. The parts can be quickly formed without tools, fixtures,
and molds with the advantages of short production cycle and high material utilization rate by using
SLM [3–5].

Nonhorizontal suspension structure is the most basic and common structure encountered in the
forming process, and is also the biggest geometric problem of forming in SLM experiments. Due to
the inherent defects such as warpage, suspension, and sticky powder during processing, SLM cannot
form parts with high quality and high precision. Therefore, if SLM can form overhanging structures
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with good quality, the technology will be improved and even promote the large-scale popularization
and application of SLM. The support of forming is necessary and ensures the stability of the structure
during the forming of suspension structures. At the same time, the excess heat will be transmitted by
the support to prevent the structure from warping and deforming. However, the additional support
will increase the time of processing, so it is necessary to investigate the strategy of forming suspension
structures without support.

Kruth et al. [6] found that the forming level or near-level hanging surface can only be accurately
formed by adding support. He [6,7] also proposed that adding monitoring and feedback devices
in the optical system can flexibly change the laser power and improve the forming quality of the
hanging surface. Yasa et al. [8] increased the feedback control of the forming process, laser surface
remelting, laser etching, and other postprocessing methods to improve the forming effect of the
suspension structure. From the microlevel view, the forming layer of the underside overhanging
surface is a powder rather than metal entity, resulting in heat conduction, micromelting, adhesion,
and other behaviors which are different from the solid structure. The behavior change of the molten
pool can directly reflect the basic principle of SLM forming on the hanging surface. Therefore, many
experts devote themselves to the forming mechanism of the microlevel suspension structure, and have
obtained many achievements. Lott et al. [9] preliminarily expounded the dynamic behavior of the
molten pool. Khan et al. [10] numerically simulated the molten pool instability in SLM forming, and
concluded that the area of molten pool depended on the boundary conditions. Alkahari et al. [11]
studied the molten pool behavior in the first-layer forming process under different laser powers,
scanning speeds, and layer thicknesses by single-layer scanning experience.

The metal powder undergoes rapid melting, rapid cooling, and solidification during the SLM
forming process due to the laser directly acting on the surface of the metal powder. The defects such
as spheroidization, pores, cracks, dross, over-burning, warping, and so on are also the result of the
varying of fast heat and rapid cooling. Some postprocessing methods (such as heat treatment, sanding,
etc.) can improve the surface quality of the formed parts, but they are time-consuming and laborious
and have limited effect, and for some complex structures (such as overhanging structures, hollow
porous structures, etc.), it cannot be fundamentally solved by postprocessing methods. To eliminate
the defect, it is necessary to decrease or even avoid the defect by adjusting the process parameters and
other prior processes. Therefore, when forming parts such as a suspended structure or a complicated
curved surface, a good forming effect should be obtained from the aspects of process parameters,
scanning strategy, support added or not, and so on. In this study, the energy of the laser input was
strictly controlled, and the process parameters, scanning strategy, support addition method, and
auxiliary optimization process were changed. At the same time, the substrate was preheated by 100 ◦C
to reduce the influence of temperature difference on the forming, and the optimal suspension structure
was obtained with a good surface quality and high precision.

2. Materials and Methods

2.1. Materials and Experimental Setup

The experiment was carried out on the Renishaw AM400 (Renishaw plc, London, UK). The AM400
uses a continuous laser mode with a maximum power of 400 W and a 1075 nm Nd: YAG laser with a
laser beam diameter of 70 μm. The working area (shown in Figure 1) can be machined to a maximum
volume of 250 mm × 250 mm × 300 mm and provides a closed environment filled with argon as a
shielding gas to maintain oxygen concentrations below 200 ppm. The experimental scanning strategy
is based on the meander scan strategy, a schematic of which is shown in Figure 2; it can be seen that
the angle between the Nth layer and the N+1th layer is 67◦,where d is the point distance, δ is the hatch
space, and Φ is the spot diameter.

There were two materials used in the experiment: one was the 316L stainless steel and the other
was the chrome–nickel alloy steel. The 316L stainless steel had a particle diameter ranging from 5 μm
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to 41 μm and the average particle diameter was 17 μm. The chemical composition of the 316L stainless
steel powder was Fe (Balance), Cr (16% to 18%), Ni (10% to 14%), Mo (2% to 3%), Mn (2% max), Si (1%
max), N (0.1% max), O (0.1% max), P (0.045% max), C (0.03% max), S (0.03% max). The chrome–nickel
alloy steel powder had an extremely high sphericity and a particle diameter ranging from 17 μm to
58 μm, and the average particle diameter was 31 μm. The chromium–nickel alloy steel included Fe
(Balance), Cr (1% max), Mn (1% max), Ni (1% max), Mo (0.15% max), C (0.228% max), N (0.228% max).
Electron microscopy (SEM) photographs and compositional contents are shown in Figure 3.

Figure 1. The equipment workspace of Renishaw AM400.

Figure 2. The schematic of forming experiment piece.
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Figure 3. Powder characteristics and composition content: (a) morphology of 316L stainless steel
powder; (b) composition content of 316L power; (c) morphology of chrome–nickel alloy steel powder;
(d) composition content of chrome–nickel alloy steel.

2.2. Forming Experiment

Firstly, 316L stainless steel powder was used for 50 μm layer thickness experiment, and the
forming quality under processing parameters such as different angles, different scanning strategies,
support addition, different boundary scanning schemes, boundary scanning times, different upper
surface remelting schemes, and upper surface remelting times were compared. The processing
parameters and the combination of exposure time, point distance, hatch space, and scanning strategy
are shown in Table 1. The laser scanning surface can be divided into upper surface, inner filling surface,
and outer boundary scanning surface (as shown in Figure 4a). In the forming experiment, the main
body was the noumenon, and three scanning strategies—meander, stripe, and chessboard—were
adopted, and the boundary scan was solidified once. The boundary solidification scan occurred after
the noumenon scan. The specific parameters were as follows: Table 1 (No. 1–3). There were nine
kinds of optimization processes, which were divided into three categories: support addition (Table 1,
No. 4), optimal matching boundary remelting processes with different power boundaries (Table 1,
No. 5–7), and optimal matching remelting times of surface layers with different power levels (Table 1,
No. 8–12). A total of 12 groups of experiments were carried out on noumenon formed by different
scanning strategies, supported noumenon 1, noumenon 1 with boundary optimization, and noumenon
1 with upper surface optimization. The scheme of the block-forming experiment is shown in Table 2.
Each block was inclined by 15◦, 30◦, 45◦, 60◦, 75◦ (as shown in Figure 4). The bottom of all samples
was 5 mm * 5 mm and the length of the inclined plane was 10 mm. The experiment was carried out in
terms of the presence or absence of support, the number of boundary remelting times, and the number
of remelting of the upper surface layer. According to the 316L forming experiment, the chrome–nickel
alloy powder was studied in the vicinity of the limit forming angle with the layer thickness of 35 μm,
and the overhanging structures of 20◦, 25◦, 30◦, and 40◦ were formed. The forming parameter tables
are shown in Table 3. The overhanging portion of the formed overhanging structure is determined by
the formula (1) [12]:

a = h·cotθ (1)

where a is the length of the overhanging portion, h is the layer thickness, and θ is the angle between
the contour of the layer and the overhanging surface. In this experiment, the 316L stainless steel had a
layer thickness of 50 μm and a spot diameter of 70 μm. The stable boundary forming can be obtained
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when the diameter of the spot is larger than the length of the overhanging portion. The forming limit
inclination angle was 35.5◦ from the formula (1). Considering the formation of stainless steel, the
thickness of the formed chrome–nickel alloy steel layer was 35 μm, and the limit forming angle was
26.6◦.

Table 1. Block-forming test data sheet of 316L stainless steel.

Number Test Plan
Laser

Power (W)

Exposure
Time
(μs)

Point
Distance

(μm)

Hatch
Space
(μm)

Scanning
Strategy

Remark

1 Noumenon1 200 80 40 110 Meander The system scans the
boundary once by default.2 Noumenon2 200 80 40 110 Chessboard

3 Noumenon3 200 80 40 110 Stripe

4 Support

5 Boundary1 110 100 20 100 Scan the boundary again
according to the setting

parameters.
6 Boundary2 160 100 20 100
7 Boundary3 200 100 20 100

8 Upper
surface1 110 80 40 110 Meander Scan once by setting

parameters.
9 Upper

surface2 160 80 40 110 Meander

10 Upper
surface3 200 80 40 110 Meander

11 Upper
surface4 110 80 40 110 Meander Scan again by setting

parameters.
12 Upper

surface5 160 80 40 110 Meander

Figure 4. Schematic diagram and physical drawing of the 316L stainless steel: (a) 15◦; (b) 30◦; (c, f) 45◦;
(d) 60◦; (e) 75◦.

Table 2. Block-forming scheme of 316L stainless steel.

Number Test Plan Number Test Plan

1 Noumenon1 2 Noumenon2
3 Noumenon3 4 Noumenon1 + Support
5 Noumenon1 + Boundary1 6 Noumenon1 + Boundary2
7 Noumenon1 + Boundary3 8 Noumenon1 + Upper surface1
9 Noumenon1 + Upper surface2 10 Noumenon1 + Upper surface3
11 Noumenon1 + Upper surface4 12 Noumenon1 + Upper surface5

Three scanning strategies, namely meander, chessboard, and stripe scanning, are shown in
Figure 5. The angle between the layers was 67◦ counterclockwise. In the selective laser melting
technology, in order to ensure the boundary quality during the melt-solidification forming, a boundary
scan curing can be performed after each layer of scanning is completed. The boundary remelting
is a boundary solidification operation after scanning the boundary. It is not a remelting operation
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according to the original boundary, but a solidification of the boundary inside the original boundary.
Boundary counting includes boundary scan and boundary remelting. With the increase of counting
times, boundary scanning and boundary remelting will be carried out separately (that is, boundary
remelting will be carried out in the middle of two boundary scans). Different counting methods were
used for forming the overhanging surface, as shown in Figure 6, and counting was performed multiple
times to ensure the forming effect of the boundary.

Table 3. The parameters of chromium–nickel alloy steel block-forming experiment.

Number Test Plan
Laser
Power

(W)

Exposure
Time
(μs)

Point
Distance

(μm)

Hatch
Space
(μm)

Scanning
Strategy

Remark

1 Noumenon1 100 80 40 100 Meander
2 Boundary1 80 80 40 40 Count 1 time
3 Boundary2 80 80 40 40 Count 2 times
4 Boundary3 80 80 40 40 Count 4 times
5 Boundary4 80 80 40 40 Count 10 times

Figure 5. Schematic diagram of scanning strategy.

The measurement of the surface roughness was carried out using laser scanning confocal
microscopy (VK-X100, Osaka, Japan) to obtain surface roughness values, and the roughness of the
final surface was measured three times and averaged as the surface roughness of the final surface.
The optical microscope (OM) (DM4000M; Leica, Wetzlar, Germany) was used to measure the forming
precision of the sample with a measuring accuracy of 1 μm. The measuring method was to fit the
microprofile of the part to an ideal straight line to measure the accurate dimension value, and the
calculated average value was the accurate dimension value of the part.
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Figure 6. Boundary count (Corresponding Table 3, No. 1, 4, 5) (red line: scanning boundary; pink line:
boundary remelting): (a) 1 time; (b) 4 times; (c) 10 times.

3. Results and Discussion

3.1. 316L Forming Surface Quality Analysis

The upper surface topography of different scanning strategies (a–o) and overhanging structures
with additional support (p–t) is shown in Figure 7. Due to the lower forming angle of 15◦–30◦, other
scanning strategies cannot be formed except for the additional support strategy. The chessboard
scanning strategy can ensure the upper surface forming quality of 30◦, and the missing of materials in
the stripe strategy is the most serious.

Figure 7. Different scanning strategies and support for adding surface features of the formed overhang
structure (corresponding Table 2, No. 1–4): (a–e) meander; (f–j) chessboard; (k–o) stripe; (p–t) support.

As shown in Figure 8c, in the stripe scanning process, some scanning lines are not supported
and rely entirely on the transverse bonding force of melted materials. In the case of insufficient
bonding force, materials are prone to be missing, which results in the process defects of collapse.
Due to the other scanning method, after lamination (as shown in Figure 8b), even if some areas are
overhanging, the remaining areas can be supported by not only the transverse bonding force but
also the materials of the bottom in the structure to ensure the lap joint effect, so the forming effect is
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excellent. The forming quality can be guaranteed by the additional support component from 15◦ to
30◦. There are overhanging defect marks on the forming upper surface (red circle of Figure 7) because
of the unreasonable additional support, and the defect can be eliminated by adjusting the position of
the additional support.

Figure 8. Effect diagram of different scanning strategies after lamination: (a) meander; (b) chessboard;
(c) stripe.

The forming quality with the angle 45◦–75◦ above the limit forming angle is excellent, and the
meander scan strategy is better than the chessboard scan and stripe scan in the upper surface forming
quality. Although the additional support can ensure good forming effect, the surface spheroidization
is still serious. As shown in Figure 9, the spheroidizing defect happened by spatter. The irregular
spheres spattered by excessive laser power during scanning forming solidify and are prone to forming
the upper surface spheroidizing phenomenon.

Figure 9. Surface spheroidization defect formation mechanism.

Warpage and slag hanging easily happen when SLM is used to form suspension structures.
The reason for these defects lies in the vast quantities of heat generated by the interaction between the
radiated laser and the powder material in the forming process. The heat conductivity of metal powders
is not as good as that of solidified metals, so heat easily accumulates to form larger melting pools,
resulting in slag hanging and overburning defects. So it is necessary to control the energy density of
the laser when forming the surface of the hanging structure.

The low energy density is used from the suspension scanning laser, and the forming effect will
be improved. In addition, rapid heat dissipation can prompt liquid metal to solidify in time, thus
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avoiding suspension defects and improving the forming effect of the suspension structure. Therefore,
the control of laser scanning process parameters of the overhanging surface is very important to the
forming quality of the suspension structure. Since the underside overhanging surface is directly in
contact with the powder, a smaller energy density should be used to prevent burn-through, thereby a
better quality of the underside overhanging surface can be obtained.

The topography of the overhanging structure is shown in Figure 10 for different scanning
strategies. The quality of the side surface corresponds to the upper surface forming effect; with
the inclination angle increased, the forming quality becomes better than before. The forming quality
is poor under the minimum forming angle, in which the chessboard scan is best and the stripe scan
is the worst. The forming effects of various scanning strategies above the limit forming angle are
favorable, and the best forming quality can be obtained, wherein the meander scan strategy is optimal.
Different scanning strategies for forming a 30◦ overhanging structure are shown in Figure 10b,g,l, and
the chessboard scan forming effect is relatively favorable, followed by the meander scan, and the stripe
scan forming effect is the worst.

Figure 10. Side profile of shaped suspension structures with different scanning strategies
(corresponding Table 2, No. 1–3): (a–e) meander; (f–j) chessboard; (k–o) stripe.

3.2. 316L Surface Roughness

The surface roughness of the upper overhanging surface formed by different optimization
processes is shown in Figure 11. During the forming process with the fabrication angle from 15◦ to 75◦,
as the angle increases, the surface roughness decreases, and the surface forming quality is favorable.
The forming quality and surface roughness is better when the forming angle of the overhanging
surface is larger and the forming quality of the upper surface layer is also better. The values of upper
surface roughness after optimization with the fabrication angle of 45◦–75◦ are all below 30 μm in
the experiment. With the increasing of the remelting power of the upper surface, the upper surface
morphology deteriorates (Figure 12c–e), and the value of upper surface roughness increases. Due to the
thickness of the forming layer being 50 μm, the higher laser power increases the splash phenomenon,
resulting in an increase of surface spheroidization (Figure 12d), and the surface quality deteriorates.
The number of laser scans also has an effect on the upper surface formation. The higher power scanning
twice results in a poor surface topography, as shown in Figure 12f. The smaller power scanning twice
has some improvement on the surface. As shown in Figure 13, the spheroidization phenomenon
almost disappears with respect to the primary remelting surface. However, due to the instability of the
process and the difference in the scanning directions, the surface is uneven, as shown in Figure 12e.
The result shows that the best remelting technology is using 110 W power laser, and the upper surface
roughness value can be as low as 11.9 μm.
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Figure 11. Different optimization schemes to form the surface roughness of the overhanging structure
(corresponding Table 2, No. 1, 8–12).

Figure 12. 75◦ upper surface topography (corresponding Table 2, No. 1, 8–12): (a) noumenon1; (b)
surface1; (c) surface2; (d) surface3; (e) surface4; (f) surface5.

Figure 13. Remelted surface topography (corresponding Table 2, No. 8, 11): (a) 110 W power laser
surface remelting once; (b) 110 W power laser surface remelting twice.

The surface roughness of the forming underside overhanging surface with different scanning
strategies is shown in Figure 14. The overhanging structure is formed below the limit forming angle,
and the chessboard scanning strategy is best for forming. The meander scanning above the extreme
forming angle is more favorable for forming. Due to the unique scanning method of meander scanning,
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partition scanning, the board has a poor lap joint effect between the overhanging area and the other
area when forming the overhanging structure. When the overhanging structure is formed below
the forming angle using meander scanning or stripe scanning, the single line directly acts on the
powder, and the chessboard scan has corresponding support and can obtain the better forming effect.
The number of boundary scanning has a great influence on the underside overhanging surface of
the shaped structure. The underside surface roughness value of the suspension structure with twice
scanning 75◦ is reduced from 94.1 μm to 31.1 μm. The number of boundary scanning can improve
the forming quality of the overhanging structure. The multiple scanning of the boundary is similar to
the remelting of the narrow boundary by the laser and is beneficial to improve the forming quality.
Thus multiple boundary scanning is beneficial to consolidate the forming quality of the underside
overhanging surface. The lower laser power also has a good effect on the improvement of the underside
overhanging surface. The surface roughness value of the underside overhanging surface increases
with the increase of the laser power, and the boundary scanning with the 110 W power laser has the
best underside surface roughness quality.

Figure 14. Different optimization schemes for forming overhanging surface roughness of overhanging
structures (corresponding Table 2, No.1, 5–7).

The profile of the upper and underside overhanging surfaces of the overhanging structure is
observed under the SEM. As shown in Figure 15, the defect of the sticky powdery phenomenon is more
serious both in the upper and underside overhanging surfaces. Current research on the phenomenon of
sticky powder shows that there is no better solution than using postprocessing to improve the quality
of the overhanging surface. After sandblasting in the later process, it was found that the amount of
powder adhering to the overhanging surface can be effectively reduced, and the forming quality of the
overhanging surface greatly improved. The forming precision of the 45◦ suspension block formed in
different directions of the x, y, and z (Figure 4) is shown in Table 4. The forming effect is good in this
experiment, and the forming accuracy error (x1, y1, z1) is within 0.4 mm. The scanning with additional
support has the best forming precision, and the remelting of boundary is beneficial to improve the
forming precision. The effect of the meander scanning forming the overhang structure is better than
the chessboard and the stripe scanning, and the forming precision is worse with the increasing of the
remelting power.

205



Metals 2019, 9, 385

Figure 15. Different optimization schemes for forming overhanging surface roughness of overhanging
structures: (a–b) upper overhanging surface; (c–d) underside overhanging surface.

Table 4. Block forming accuracy table.

Group X (mm) x’ (mm)
x1

(mm)
y (mm) y’ (mm)

y2

(mm)
z (mm) z’ (mm)

z3

(mm)

1 5 5.09 0.09 5 5.08 0.08 7.07 7.15 0.08
2 5 5.15 0.15 5 5.12 0.12 7.07 7.29 0.12
3 5 5.11 0.11 5 5.09 0.09 7.07 7.18 0.11
4 5 5.04 0.04 5 5.05 0.05 7.07 7.08 0.01
5 5 5.06 0.06 5 5.07 0.07 7.07 7.13 0.06
6 5 5.14 0.14 5 5.16 0.16 7.07 7.35 0.28
7 5 5.21 0.21 5 5.22 0.22 7.07 7.43 0.36

3.3. Chrome–Nickel Alloy Steel Forming Surface Quality Analysis

Considering the result of the 316L stainless steel powder forming experiment, the chrome–nickel
alloy steel powder is used to form 20◦, 25◦, 30◦, 40◦ overhanging structure with a layer thickness of 35
μm. The forming effect at different angles as shown in Figure 16. Compared with 316L stainless steel,
the minimum forming angle (20◦, 25◦) can ensure good forming, and no slag, warp, and so forth in the
forming experiment of chrome–nickel alloy steel powder. The overhanging structure below the limit
forming angle can also achieve a good forming effect. The warping deformation is caused by joint
action of the thermal stress, the tissue stress, and the residual stress existing in the rapid laser forming
process. Due to the force exceeding the strength of the material, the plastic deformation happened.
The overhanging structure has a large warpage deformation due to the lack of support [7], so that
it is difficult to avoid the defect of overhanging in the overhang structure experiment without the
support. The single layer with the overhanging portion shrinks when the scanning is completed, and
the volume of the molten powder shrinks during the process of solidification, causing the overhang
portion to warp upward [13]. Due to the difference of temperature between the top and bottom of the
scanning layer and the uneven distribution of thermal conductivity, the upper portion of the forming
layer shrinks faster than the bottom, and is prone to forming the defect of overhanging [14]. As shown
in Figure 8, in the red circle is a warp phenomenon, and the warped portion is scattered around each
of the suspension members. In contrast, the overhanging structure of the chrome–nickel alloy steel
powder has almost no warpage, and it can be seen that the chrome–nickel alloy steel powder has better
forming effect than the 316L stainless steel powder. It can be seen that the adhesion of chrome–nickel
alloy is better than that of 316L stainless steel.
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Figure 16. Side profile of the overhanging structure at different angles (corresponding Table 3, No. 1):
(a) 20◦; (b) 25◦; (c) 30◦; (d) 40◦.

3.4. Chrome–Nickel Alloy Steel Surface Roughness

The trend curve of the influence of boundary counting strategy on overhanging surface roughness
is shown in Figure 17. The different trends of the upper and underside overhanging surfaces are
contrasted in the diagram. At the same time, it can be clearly found that with the increase of counting
times, the surface roughness of both the upper and underside overhanging surfaces shows a downward
trend. When the counting times are 10, the surface roughness value is the lowest and the forming
effect is the best. The upper overhanging surface roughness value of the suspension surface on the 20◦

suspension structure is the lowest, which can reach 15.716 μm, and the underside surface roughness
value of the suspension surface is the lowest, which is 30.716 μm.

 
Figure 17. Boundary scanning strategy affects surface roughness trend (corresponding Table 3,
No. 2–5).

4. Conclusions

In summary, the experimental optimization of forming overhanging structures of 316L
stainless steel and chromium–nickel alloy steel was studied by selective laser melting. By using
different scanning strategies, upper-surface-remelting processes, boundary-scanning powers, and
boundary-counting strategies, the forming effects of the upper surface and the upper and underside
overhang surface were analyzed, and the effects of the processing strategies on the surface roughness
were also discussed. The conclusions are as follows:
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1. The forming effect of chromium–nickel alloy is better than the 316L stainless steel below the
limit forming angle in the overhanging structure.

2. Upper surface remelting can reduce the value of surface roughness, decrease the defect of surface
spheroidization, and improve surface forming quality. Surface quality is better with the increase of the
number of remelting, but increasing surface remelting power is not conducive to improving surface quality.

3. The optimization of boundary remelting is beneficial to the forming of suspension structure.
Multiple boundary counting is beneficial to improve the forming quality of the suspension structure
below the limit forming angle, and the lower scanning power is more beneficial to the forming of boundary.

4. By comparing different scanning strategies, it is found that the application of 316L stainless
steel in the chessboard scanning strategy is beneficial to forming in a certain range below the ultimate
forming angle, and the forming quality beyond a certain range is still not optimistic. The meander
scanning strategy is suitable for forming suspension structures above the limit forming angle.
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Abstract: Using nanoindentation under various strain rates, the mechanical properties of a laser
powder bed fusion (PBF) SKD61 at the 800 mm/s scan speed were investigated and compared
to PBF H13. No obvious pile-up due to the ratio of the residual depth (hf) and the maximum
depth (hmax) being lower than 0.7 and no cracking were observed on any of the indenter surfaces.
The nanoindentation strain-rate sensitivity (m) of PBF SKD61 was found to be 0.034, with hardness
increasing from 8.65 GPa to 9.93 GPa as the strain rate increased between 0.002 s−1 and 0.1 s−1. At the
same scan speed, the m value of PBF H13 (m = 0.028) was lower than that of PBF SKD61, indicating
that the mechanical behavior of PBF SKD61 was more critically affected by the strain rate compared
to PBF H13. PBF processing for SKD61 therefore shows higher potential for advanced tool design
than for H13.

Keywords: Laser powder bed fusion; selective laser melting; SKD61 tool steel; nanoindentation;
strain-rate sensitivity

1. Introduction

SKD61 and H13 are types of hot work tool steels applied to casting molds, extrusion tools, forging
dies, etc., and the hardness of SKD61 (229 BHN) is lower than that of H13 (235 BHN) [1]. Both steels are
fabricated by conventional methods requiring expensive dedicated tools, and thus are inappropriate for
small-scale or complex-shape productions [2–4]. Selective laser melting (SLM), is a laser powder-bed
additive manufacturing process that is suitable for the processing of tool steels, including SKD61 and
H13, because it offers the ability to not only reduce the amount of machining and hence wastage of
this expensive material, but also to produce intricate molds with a nearly full density and a refined
microstructure [3,4].

The mechanical behavior of hot work tool steels prepared by the PBF method is one of the
most important characteristics [5,6]. It was reported that the hardness of PBF SKD61 fabricated
from commercial powders was higher than that made from gas atomized spherical powders [4,7].
Very recently, a few studies have addressed the mechanical properties of tool steel processed by PBF
using nanoindentation [3,8]. For example, the H13 PBF-processed at 200 mm/s scan speed exhibited
the lowest creep resistance and highest hardness values. However, very few studies have dealt
with the mechanical behavior of PBF SKD61 using nanoindentation. It is thus necessary to perform
nanoindentation tests to probe the creep behavior of the PBF SKD61 and compare it with that of PBF
H13 [9,10].

Metals 2018, 8, 1032; doi:10.3390/met8121032 www.mdpi.com/journal/metals211
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In a previous study, PBF processing at an 800 mm/s laser scan speed was applied successfully for
SKD61 powders [4,11]. This study expands on those reported findings by using nanoindentation tests
to investigate the mechanical properties of PBF SKD61. Results for PBF-processed H13 at the same
laser scan speed sourced from the literature are used in the evaluation conducted here [2].

2. Experimental Procedure

The material used in this work was SKD61 powder prepared by a gas atomizing process (Hot Gas
Atomization System, HEMMIGA 100/25, PSI Ltd., Leicester, UK), as shown in Figure 1. Specifically,
SKD61 ingot obtained from SeAH Special Steel Corp. (Changwon, Korea) was melted into a graphite
crucible at 1690 ◦C under a high purity argon atmosphere. The alloy liquid was then ejected through a
spray nozzle under hot N2 gas pressure of 50 bar. Upon gas atomization, the gas-atomized powders
were collected and loaded onto a series of ASTM E11 standard sieves to obtain a specific particle size
range of 10~45 μm. The elemental chemical compositions of the produced powders were confirmed by
inductively coupled plasma (ICP, Spectro Arcos ICP-AES, Kleve, Germany). The powders were then
processed by a PBF device (a Concept Laser Mlab-Cusing System, Lichtenfels, Germany) equipped
with a 90 W Nd:YAG fiber laser to manufacture cuboid specimens (10 mm × 10 mm × 10 mm).
Detailed preparation of the PBF samples was described in [3,4].

Figure 1. (a) SEM picture of the powder input; (b) particle size distribution; and (c) EDS result at the
location indicated by the rectangle in (a).
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The cuboid specimens prepared by PBF were mounted in epoxy resin, cross-sectioned, and
then mechanically polished on an auto-disc polishing machine (Struers LaboForce-100, Ballerup,
Denmark) to reach mirror-like surfaces. The specimens with a surface roughness of lower than 50 nm
determined using a SV-3200S4 (Mitutoyo, Sakado, Japan) were used for the next steps. An optical
microscope (OM, Nikon ECLIPSE MA200, Nikon, Tokyo, Japan) and a scanning electron microscope
(SEM, JSM-5800, JEOL, Tokyo, Japan) were also used to observe the microstructure on the sample
surfaces. Nanoindentation tests were then performed for those samples at room temperature at the
same maximum load (500 mN) on a NanoTest nanoindenter (Micro Materials Ltd., Wrexham, UK)
using a three-sided Berkovich diamond indenter. Specifically, all nanoindentation tests were carried
out at loading rates of 50 mN/s, 25 mN/s, 16.67 mN/s, 12.5 mN/s, 10 mN/s, 5 mN/s, and 1 mN/s.
The indenter was then held at the maximum load for 5 s, which was followed by unloading at a rate
of 50 mN/s for all tests. At least 10 indentation points at each loading rate were carried out and the
results were averaged.

3. Results and Discussion

Figure 2a shows the OM and SEM microstructure result of the SKD61 sample prepared by PBF
at the 800 mm/s scanning speed, in which the inset is the SEM result. In the OM image, the melt
pool confirmed the scan direction and some pores. Figure 2b shows a SEM result at the location
of an indenter point. Figure 2a reveals some black pores with irregular shapes and small volumes
observed over the sample. The volume fraction of the black phase was calculated, using the image
analysis software, to be 1.4%, which is lower than that (5.2%) for PBF H13 at the same scan speed [3].
Black pores, indicating imperfections in the microstructure, may stem from insufficient laser energy to
melt powder materials within the melt pool, causing a short cooling (faster solidification) time and
insufficient melting of the substrate and powders [3].

Figure 2. (a) Microstructure of the PBF- processed SKD61 at 800 mm/s scanning speed; (b) SEM graph
of an indenter point after nanoindentation tests.

The widely used Oliver and Pharr method is accurate only for nanoindents that do not show
significant pile-up deformation, which is related to the ratio of the residual depth (hf) and the maximum
depth (hmax) [12–14]. In the SEM results of indenter points on all sample surfaces, no obvious pile-up
was observed, as shown in Figure 2b. This result is similar to that of the PBF H13 material, where

it was confirmed that
h f

hmax
in all nanoindentation tests was lower than 0.7 [3]. Therefore, the Oliver

and Pharr method can be adopted to extract the hardness values of the material here. Moreover, no
cracking in Figure 2b is observed, indicating that the material has low crack sensitivity.

In this study, a constant rate of loading (CRL) method, where a steady loading rate is used until
the tip depth rate becomes nearly constant, was used to determine the strain rate (

.
ε) because the CRL
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allows for simple calculation of strain rates, and also is proven to be more suitable to correlate with
the conventional constant strain rate tests [12,15,16]. In fact, both indentation hardness and strain rate
are not constant under CRL loading, causing difficulty in determining a consistent creep exponent
from a single CRL nanoindentation experiment [9,10,17,18]. However, if only the indentation hardness
and indentation strain rate at the maximum load point are used, the strain-rate sensitivity can be
determined from a group of CRL nanoindentation tests under different loading rates [15]. Accordingly,
the above loading rates corresponded to strain rates of 0.1 s−1, 0.05 s−1, 0.033 s−1, 0.025 s−1, 0.02 s−1,
0.01 s−1, and 0.002 s−1, respectively.

Figure 3 is plotted to compare the hardness of SKD61 and H13 processed by PBF at an 800 mm/s
scan speed. Error bars on the data reflect the standard deviation calculated for the hardness from
multiple indentations for each sample. Experimental results from nanoindentation tests of H13 prepared
by PBF at 800 mm/s, obtained from another report in the literature, are included for comparison [3].
As shown in Table 1, the hardness increases in ranges of (8.65–9.99) GPa and (7.91–8.84) GPa for the
SKD61 and H13 materials, respectively, prepared by PBF at the same scan speed of 800 mm/s at
nanoindentation strain rates in the range of 0.002 s−1 and 0.1 s−1. This shows the PBF SKD61 has about
10% higher hardness values on average than the PBF H13 material.

Figure 3. Indentation stress as a function of the strain rate for PBF processed by SKD61 and H13.

Table 1. Hardness values of SKD61 and H13 prepared by the PBF process at the same scan speed of
800 mm/s.

Strain Rate (s−1)
Hardness (GPa)

SKD61 H13 [2]

0.002 8.65 7.91
0.01 9.26 8.16
0.02 9.43 8.41
0.025 9.26 8.32
0.033 9.55 8.53
0.05 9.70 8.61
0.1 9.93 8.84
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By assuming the indentation strain rate and hardness are proportional to the flow strain rate and
stress, respectively, it follows that the strain rate sensitivity (SRS) can be defined as:

m =

(
∂ ln H
∂ ln

.
ε

)
(1)

The slope of the straight line in Figure 3 represents the strain-rate sensitivity exponent (m), with a
value of 0.034 and 0.028 for the PBF SKD61 and H13, respectively. The strain-rate sensitivity of PBF
SKD61 was higher than that of PBF H13, indicating that the mechanical behavior of H13 material is
less susceptible to the strain rate than SKD61.

In recent studies, the optimal laser scan speed for the PBF process was around 200 mm/s for
H13 [3], and the hardness increased from 8.61 GPa to 9.29 GPa; these values are lower than those of
SKD61 in the present study at the same strain rate range. The laser energy density (E) can be defined as:

E =
P

vht
(2)

where P is the laser power (W), v is the scan speed (mm/s), h is the hatch distance (μm), and t
is the layer thickness (μm). The laser energy density was calculated by Equation (2), and it was
156.2 kW·h/m3. Because the laser energy density is inversely proportional to the scan speed [19–22],
the optimal condition of the PBF process for SKD61 consumes less energy than for H13. In the case of
the same process conditions, PBF SKD61 showed less pores then PBF H13 in the SEM images. It is
not shown in this manuscript because the results of PBF SKD61 and H13 are included in various
process conditions. We considered optimal process conditions and then the indentation stress of two
specimens, in which PBF SKD61 and H13 were compared. Moreover, PBF SKD61 showed a better
microstructure (less pores) and higher hardness than PBF H13. Therefore, PBF SKD61 shows higher
potential for advanced tool design than PBF H13.

4. Conclusions

This study demonstrates successful printing of SKD61 by the PBF method at an 800 mm/s laser

speed. From the results, no obvious pile-up (due to
h f

hmax
< 0.7) and no cracking on all indenter surfaces

were observed. Hardness increased from 8.65 GPa to 9.93 GPa as the strain rate increased in a range of
0.002 s−1 and 0.1 s−1. At the same scan laser speed, the m value of PBF SKD61 (m = 0.034) was higher
than that of PBF H13 (m = 0.028), indicating that the mechanical behavior of the PBF SKD61 was more
critical to the strain rate compared to PBF H13. As a result, PBF processing for SKD61 shows higher
potential in practical application than for H13 due to the superior microstructure and mechanical
behavior of the former, and less laser energy consumption at the optimal condition.
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Abstract: New aluminium alloys, with lower silicon content than in the first-developed formulations,
have recently been introduced in the field of Additive Manufacturing and are dedicated to
automotive applications. As they are relatively new, mechanical characterization under standard
protocols of the automotive field are of utmost scientific as well as industrial relevance. The paper
addresses the mechanical properties and microstructure of A357.0. Static tensile and shear tests of
samples built by Laser Powder Bed Fusion, with different orientations in the machine work volume,
have been performed. The aim was to identify possible anisotropy in the tensile and shear behaviour
of this innovative alloy. Particularly for shear, the effect of adhesion between the layers onto shear
strength was studied. Results analysis, by means of statistical tools, allows for the affirmation that no
tensile modulus or yield strength anisotropy is observed. Instead, a small (yet statistically significant)
increase in both shear- and tensile strength and a decrease in ductility are obtained as the direction of
the specimens approaches the growth direction. Scanning Electron Microscope (SEM) observation of
the failure mechanisms assisted in the interpretation of the results, by relating different failure modes
to the relative orientation of loads versus the directions of inherent anisotropy in Laser Powder Bed
Fusion processes.

Keywords: additive manufacturing; laser powder bed fusion; A357.0; mechanical performance

1. Introduction

Over the next few years, the Additive Manufacturing (AM) industry is expected to continue to
grow strongly. Oerlikon group, one of the major suppliers of metal powders for AM, forecasted that by
2021 the sale of AM products and services will be around 26.5 billion USD (United States dollars). AM has
great potential, and is gaining every day in broader usage. In order to accelerate the adoption of AM,
improvements in areas such as new material formulations and more solid knowledge of the expected
mechanical behaviour will need to take place [1].

The formulations of aluminium (Al) alloys that are available for AM, and more specifically for Laser
Powder Bed Fusion (LPBF), are still very few. Al alloys have been introduced for AM applications recently
because, if compared for example to Ti alloys, they are easier to machine by means of conventional
subtractive processes. However, since Al is comparatively cheaper to purchase, the material saving that is
allowed by AM becomes less impressive. As a consequence, the production of Al parts by LPBF has less
immediate commercial appeal [2].

Other obstacles to the use of Al alloys are:

• The presence of some heavily applied hardenable alloy elements (such as Zn), which leads to
turbulent melt pools, splatter, and porosity [2]. Many formulations are not suitable for or easy to
be used in LPBF;
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• High reflectivity;
• Poor flowability, which can impede the deposition of a smooth thin layer [3];
• The low viscosity of the molten material limits the melt pool sizes.

Currently, the most common aluminium alloy for LPBF is AlSi10Mg. It is used to produce parts
with high strength and high dynamic loadability. The use of such parts in the aerospace and automotive
industries is quickly spreading [4].

As previously mentioned, much is expected from the market in terms of a wider range of aluminium
alloys to be processed by LPBF. For example, a specific alloy has been introduced recently: Scalmalloy®RP
is the Airbus Group’s unique aluminium-magnesium-scandium alloy (AlMgSc). It was developed for
additive manufacturing and displays high strength [5]. On the side of high-performance alloys, the new
A20X™ was patented in 2010 and gained full aerospace approval in 2012 [6]. The formulation consists of
an aluminium copper base, with the addition of intermetallic titanium diboride. The resulting ultra-fine
microstructure accomplishes strength values as high as 477 MPa, together with the possibility to operate at
high temperatures. Initially developed for casting, the alloy in now available for use in powder bed AM.

Also, a new formulation of an Al-Si-Mg alloy has been marketed of late: A357.0, in which the
Si content is reduced to 7 wt % [7–9]. The alloy proposed by CITIM GmbH ensures, as an example,
a nominal strength of 415 MPa and a total extension at fracture of 5% in the as-built state [9]. A357.0 is
of special interest for automotive applications since the same alloy is commonly used for many car body
parts produced by traditional processes. Typical examples are brackets, carters, and stands. The quality
standards of high-performance cars require the adoption of expensive solutions, mainly gravity and
low-pressure permanent mould casting, with the use of cores. While outstanding as to mechanical and
dimensional quality of parts, as well to absence of defects, such processes suffer from high investment
costs, long time-to-market, and very low flexibility. Such process characteristics mismatch production
types characterized by very small batches. In the case of small batch, variable cost, still high, can be much
easier attributed than fixed ones. LPBF processes are an increasingly frequent choice for many aluminium
components traditionally obtained by casting. Yet, LPBF is still at the early stages in this field as the
reliability and predictability of a technology that only recently included aluminium alloys among the
options is still unproven. The choice of an innovative process with a known material means the same
target material can be kept. As an advantageous consequence, the complex structural validations of a part
design (including static, dynamic, durability, and non-linear crash load cases) do not need to be rerun.

Data on the mechanical performance of Al-based materials used in LPBF are often not comparable
directly due to the non-homogeneity of the characterization standards that are used and the effect of
different process parameters that cause a great dispersion of data. Table 1 lists the mechanical properties
available in the datasheets for the as-built condition.

Moreover, the difficulty in data collection increases for the most recently marketed materials.
AlSi10Mg has been studied for a while, and at least its static properties are quite consolidated.
Some authors also addressed the optimization of process parameters, providing information such as
the effect of power on the build rate and the combination of power and volumetric energy density for
best process performance [13]. The higher-silicon alloy Al-12Si has been studied by Prashanth et al.,
who provided an extremely interesting focus on mechanical properties and their relation to the
microstructure in different build orientations [14]. Prashanth and colleagues observed a remarkably
fine grain structure, along with outstanding strength, at least twice that of the cast material. Low silicon
aluminium alloys are still quite new in the field of LPBF and very little tested [6,7]. For most of the
major system suppliers, A357.0 is still under development and is expected to reach full commercial
availability soon.
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Table 1. Mechanical performance specified by the suppliers of Aluminium alloys used for Laser
Powder Bed Fusion (LPBF) in the as-built condition.

Mechanical
Performance

Tensile Strength [MPa] Yield Strength [MPa]
Modulus of

Elasticity [GPa]
Total Extension at

Fracture [%]

Direction XY direction Z direction XY direction Z direction XY direction Z direction
AlSi10Mg [10] 460 ± 20 470 ± 20 270 ± 20 230 ± 20 70 ± 10 9 ± 2 6 ± 2
AlSi10Mg [9] 410 ± 40 240 ± 40 65 ± 5 5 ± 2

AlSi10Mg [11] 397 ± 11 227 ± 11 64 ± 10 6 ± 1
AlSi9Cu3 [9] 380 ± 40 200 ± 40 62 ± 10 2.5 ± 1.0

AlSi9Cu3 [11] 415 ± 15 236 ± 8 57 ± 5 5 ± 1
AlSi12 [12] 1

AlSi10Mg [12] 1 329 ± 4 344 ± 2 211 ± 4 205 ± 3 75 9 ± 1 6 ± 1

AlSi12 [11] 409 ± 20 211 ± 20 5 ± 3
AlSi7Mg [9] 410 ± 50 270 ± 50 70 ± 15 5 ± 3

AlSi7Mg [11] 375 ± 17 211 ± 15 59 ± 21 8 ± 2
Scalmalloy® [5] 520 470 13

A20X™ [6] 477 415 13
1 After stress-relieving.

This paper is focused on the characterization of ISO A357.0 parts (ASM, ASTM, and SAE 356.0
specifications) produced by LPBF. This alloy is traditionally used for applications in which good
weldability, pressure tightness, and good resistance to corrosion are required. Some of the many
examples of its use may include pump parts of aircrafts, automotive transmission cases, aircraft fittings
and control parts, as well as water-cooled cylinder blocks. Many of the listed applications involve the
production of big parts, so the present contribution was focused specifically on verifying the properties
expected for large components to be produced relatively quickly. As a consequence, the following
choices were made in the research plan, namely: (i) to use one of the machines with the biggest build
chamber on the market; (ii) to select high-productivity process parameters in order for the process
to be economically viable; (iii) to use a sufficiently high plate temperature so that distortion even of
big parts would not be an issue and stress-relieving would not be required; and iv) to disregard any
possible subsequent densification steps, as for example hot isostatic pressing, because it would hamper
the industrial benefits of the solution under investigation.

The aim of the research is to evaluate the tensile and shear behaviour of this new alloy and to
verify if different build orientations cause a quantitative variation of the mechanical properties and
a qualitative change of the failure modes.

2. Materials and Methods

A357.0 powder was used to produce tensile and shear specimens. Of the powder, the nominal
chemical composition versus the experimental one is listed in Table 2, and the particle size measured
by the supplier by laser granulometry is shown in Figure 1 [12].

Table 2. Nominal chemical analysis of the A357.0 powder [12].

Weight %
Si Mg Fe Zn Ti Al

7.2 0.51 0.19 0.02 0.09 bal.
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Figure 1. Particle size measured by laser granulometry [12].

The A357.0 powder used in this paper was observed by scanning electron microscope, SEM
(ESEM, Quanta-200, FEI, Thermo Fisher Scientific, Eindhoven, The Netherland), equipped with
an X-ray energy dispersion spectroscopy system (X-EDS, INCA Oxford Instruments, Abingdon, UK)
in order to check the particle shape and the chemical composition.

The specimens were manufactured by means of an X Line 2000 R (Concept Laser GmbH,
Lichtenfels, Germany) by using the following process parameters:

• Laser power: 950 W;
• Laser velocity: 2000 mm/s;
• Laser spot: 400 μm;
• Hatch distance: 0.2 mm;
• Inert gas: nitrogen;
• Platform temperature: preheated at 200 ◦C;
• Scan strategy: skin-core;

The machine has one of the largest build chambers on the market (800 × 400 × 500 mm3)
and is specifically dedicated to the manufacture of large functional components with extremely
high productivity. The system is equipped with two fibre lasers that each output 1000 W, an automated
powder transport, and a rotating mechanism so that two build modules can be used reciprocally,
without any downtime.

Heating of the platform acts as an ‘in-process’ ageing treatment [7] and allows for the limitation
of the cooling rates and the residual stresses as compared to unheated builds [6], hence the parts do
not require any stress relieving treatment. All the specimens in this study were tested and observed in
the as-built condition.

Shear tests were performed according to ASTM B831-05, by adopting a test velocity of 1 mm/min
(the standard cross head speed rate limit is 19.1 mm/min). Such speed allowed for a stress rate
lower than 689 MPa/min, which is the standard loading rate limit on the cross-section. The shear
specimens were built in the LPBF machine as rectangular parallelepipeds and then machined to the
final geometries, as in Figure 2A.

Tensile tests were performed according to UNI EN ISO 6892-1 by adopting a strain rate of
0.00025 ± 0.00005 s−1, which was achieved using a test velocity of 0.5 mm/min. The mechanical tests
were preceded by a calibration test with an initial velocity of 1.0 mm/min. Strain was measured
by an extensometer with a gauge length of 25 mm. The tangent tensile modulus was automatically
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calculated by the machine software. The tensile specimens were built in the LPBF machine as 14 mm
diameter and 80 mm long cylinders and were then machined to the final geometry shown in Figure 2B.

Tensile and shear specimens were built in different orientations relative to the LPBF process.
Figure 3 shows the build orientations of samples parallel to the layers (0◦), parallel to the growth
direction (90◦), and inclined at 45◦ with respect to both previous directions (45◦). In the case of 45◦

shear specimens, specific attention has been paid to test interlayer shear strength; the geometry and
orientation of the specimens allowed for the application of the shear loads on a surface which is parallel
to the powder bed (Figure 3). Figure 3 also shows the direction along which the recoater blade spreads
the powder in the bed, and the direction of the inert gas flux on the powder bed. The latter is very
important in order to blow the melting slags away from the build area.

The number of specimens used in each test is shown in Table 3.

Figure 2. Geometry of the used specimens: (A) shear, ASTM B831-05 type I and type II; (B) tensile,
UNI EN ISO 6892-1.

Figure 3. Orientation of the built specimens: (A) tensile specimens; (B) shear specimens; (C) detail of
45◦ shear specimen.

Table 3. Number of specimens used in the tests.

Specimens Tested
No. of Specimens in

0◦ Direction
No. of Specimens in

45◦ Direction
No. of Specimens in

90◦ Direction

ASTM B831-05
Figure 2 type I 9 9 -

ASTM B831-05
Figure 2 type II 8 8 17

UNI EN ISO 6892-1 17 17 17
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Brinell hardness HBW 2.5/62.5/15 hardness (ball diameter 2.5 mm, applied force 62.5 kgf,
duration time 15 s) was measured according to standard EN ISO 6506-1. The tests were carried
out on a surface parallel to the powder bed as well as on one parallel to the growth direction.
Metallographic sections of the specimens, parallel to the XY, XZ, and YZ planes, were prepared
by means of microcutting, embedding in epoxy resin, and polishing with a 3 μm diamond suspension.
Residual porosity was measured by image analysis on polished sections using an optical microscope,
OM (Eclipse LV150N, Nikon, Tokyo, Japan). Metallurgical structures were observed after etching with
the Dix-Keller reactant (HF 2% vol, HCl 1.5% vol, HNO3 2.5% vol; water bal.). The etched surfaces
were observed by an OM as well as by an Nova NanoSEM 450 FEG-SEM (FEI, Thermo Fisher Scientific,
Eindhoven, The Netherland) in immersion lens mode.

Rupture surfaces of all specimens were observed by SEM with the aid of X-ray energy dispersion
spectroscopy (X-EDS) analysis (X-EDS, INCA Oxford Instruments, Abingdon, UK).

3. Results and Discussion

Figure 4 shows SEM images of the A357.0 powder used in this paper, sampled from the build
chamber after the job completion. The sphericity of powder particles is not as regular or repetitive as
that of other raw materials for LPBF. Irregular shape and poor flowability are among the well-known
intrinsic difficulties in working with aluminium [3,7]. The same is not true, for example, for titanium
or Ni-based alloys. The shape of the A357.0 particles may have an effect on the flowability of the
powder and lead to a lack of continuity in the distributed powder layer. Table 4 shows the chemical
composition measured on the powder by means of an X-ray energy dispersion spectroscopy system.
No traces of contaminants were detected, even when several powder specimens were observed and
a careful investigation of possible impurities was carried out. The chemical composition was consistent
with the nominal one listed in Table 2. As far as the relatively high oxygen content is concerned,
it should be considered that the powder was not kept in an inert atmosphere after extraction from
the machine, during SEM specimen preparation. In order to cross-check the oxygen percentage in
the consolidated specimens, a sample was ground and polished in such a way as to remove the outer
oxidised layers and was immediately introduced in the SEM chamber, ensuring the shortest possible
contact with air. The X-EDS spectrum and the chemical composition detected on this sample are shown
in Figure 5, where an oxygen percentage of 1.3% is reported.

Figure 4. A357.0 powder.
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Table 4. Experimental chemical analysis of the A357.0 powder after job completion.

Weight %
Si Mg Fe Zn Ti O Al

8.7 0.5 6.3 bal.

Figure 5. X-ray energy dispersion spectroscopy (X-EDS) spectrum and quantitative element percentage
of a freshly polished surface of a tensile specimen.

The residual porosity measured on five images, such as the example in Figure 6, is on average
0.69%, with a standard deviation of 0.28%. A final density of 99.3% has thus been achieved, which is
consistent with common industrial specifications. The microstructure obtained in the three orientations
can be appreciated in Figure 7, where OM images are illustrated next to FEG-SEM ones. A very fine
cellular structure is observed, equiaxed in the XY plane (Figure 7A) and elongated in the Z direction
(Figure 7B,C), comparable to the ‘fibre texture’ observed by Prashanth et al. for Al-12Si [14] and by
Hadadzadeh et al. for AlSi10Mg [15]. Hadadzadeh and colleagues produced extremely interesting
proofs that when the building direction changes from vertical to horizontal, a columnar to equiaxed
transition is obtained in the AlSi10Mg alloy produced by LPBF. The microstructure observed in this
study could be consistent with this claim.

HBW hardness was 95.2 (Standard Deviation, SD 1.3) on the surface parallel to the powder bed
and 102.6 (SD 0.8) on the one parallel to the Z direction.

Figure 6. Optical microscope (OM) image of a polished section for the measurements of
residual porosity.

The results of all the mechanical tests are listed in Table 5 and shown in Figures 8 and 9.
They include: elastic modulus (E), yield strength (Rp0.2), tensile strength (Rm), percentage total
extension at fracture (At), and shear strength (S).
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Figure 7. OM (A–C) and FEG-SEM (D–F) images of etched sections parallel to: the XY plane (A,D);
the XZ plane (B,E) and the YZ plane (C,F).

No distinction in the mechanical behaviour was observed between shear specimens produced
with the dimensions labelled as Type I and II in Figure 2. Hence, the results of the shear tests and
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the observation of the rupture surfaces are presented and discussed jointly in this section. The yield-,
tensile-, and shear strength (the obtained values are the average of 17 measurements) rise when
the direction of the specimens approaches the growth direction, but the deviation between different
orientations is quite small. The opposite trend is observed for extension, but in this case the variation is
much bigger. The elastic modulus does not show any relevant trend for varying orientation. The results
for strength are in contrast with those obtained by other authors for Al-12Si; in that case, the effect
of texture proved negligible on the yield strength, which was found to be unaffected by the build
orientation [14].

Table 5. Results of the tensile and shear tests. Standard deviation is between brackets. E = elastic modulus,
Rp0.2 = yield strength, Rm = tensile strength, At = percentage total extension at fracture,
and S = shear strength.

Tensile and Shear Test Results
0◦

Mean (SD)
45◦

Mean (SD)
90◦

Mean (SD)

E [GPa] 75.0 (4.1) 77.8 (6.8) 74.8 (5.3)
Rp0.2 [MPa] 184 (17) 195 (17) 192 (17)
Rm [MPa] 284 (19) 298 (17) 305 (15)

At [%] 6.5 (0.8) 5.1 (0.8) 3.5 (0.7)
S [MPa] 165 (10) 173 (9) 192 (9)

Figure 8. Tensile test results: (a) tensile strength values; (b) yield strength values; (c) percentage total
extension at fracture values; (d) elastic modulus values.
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Figure 9. Shear strength results.

For the 90◦ specimens, the yield and tensile strength values are in good agreement with
those obtained by other authors who produced density optimised samples [16]. Rao et al. found
a yield stress of 187 MPa (vs 192 ± 17 MPa in this research) and an ultimate stress of 290 MPa
(vs 305 ± 15 MPa). A comparison with the nominal datasheets should take into account that all the
suppliers declare the mechanical properties either in the as-built condition (as summed in Table 1),
or after the T6 heat treatment. The use of parts in the as-built state is unfeasible for many industrial
applications, especially in the automotive field, due to excessive anisotropy, scarce ductility, and undue
frozen stresses or post-build deformations. In the present paper, the aim was to study process
conditions capable of minimizing shrinkage-related deformation even in the case of big components.
Consequently, the temperature of the build plate was chosen so as to allow a continuous stress relief of
the part during its construction. Therefore, comparatively lower values of yield and tensile strengths,
against the data in Table 1, are not surprising. Conversely, the results of the tensile tests in this research
are encouragingly comparable to the typical values of the mechanical properties of A357.0 obtained by
casting and T6 heat treatment, shown in Table 6.

Anisotropy of mechanical performance, i.e., possible significant differences in the values that
have been measured for the three orientations, was evaluated by statistical tools (Statistica 8, Statsoft,
Hamburg, Germany). A correlation analysis was done of the independent variable ‘orientation’ on all
the measured mechanical characteristics listed in Table 4. Table 7 registers the results, expressed in
terms of correlation coefficients and probability values (p-values). When lower than 0.05, the p-values
can be taken as a decision to reject the null hypothesis of insignificance of the correlation. A significant,
even if slight, effect of orientation onto tensile and shear strength was observed. The same applies to
total extension at break, but in this case a much greater variation was measured: ductility was nearly
halved from 0◦ to 90◦. For elastic modulus and yield strength, instead, the variations are within the
scattering of experimental data, since the associated p-values are much higher than 0.05. As anticipated
above, the same is true for shear strength of specimens produced with the two different thickness
values (Types I and II): no differences are observed.

Failure mechanisms on rupture surfaces are expected to reflect the described anisotropy of strength
and ductility.

Table 6. Typical mechanical properties of A357.0 aluminium alloy obtained by casting [17].

Alloy Heat Treatment Rm [MPa] Rp0.2 [MPa] A [%] S [MPa]

A357.0 T6 315 250 3 275
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Table 7. Correlation coefficients and p-values resulting from the correlation analysis for the variables E,
Rp0.2, Rm, A, and S versus build orientation. Records below the level of significance of 0.05 are bold.

Correlation Analysis E Rp0,2 Rm A [%] S

Correlation coefficient −0.02 0.19 0.51 −0.85 0.78
p-value 0.882 0.189 2.26 × 10−4 5.53 × 10−14 6.41 × 10−8

The rupture surfaces have been observed by means of a SEM. Rupture surfaces obtained in the
shear tests show that for specimens produced in all directions, shear rupture generates two distinct
failure morphologies. Very fine dimple areas are adjacent to zones of shear flow where the material
is dragged onto the surface (Figure 10). For 0◦ and 90◦ specimens, the dimples are parallel to the
rupture surface, that is to say parallel to the images (Figure 10d,f), whereas specimens built at 45◦,
show only dimples pointing out of the rupture surface (Figure 10e). For these specimens, shear stresses
are applied onto a plane that is parallel to the layers. A further distinction can be observed between
0◦ and 90◦ specimens. For 90◦, dimples are parallel not only to the rupture surface, but also to the
direction of the shear load. In addition, for 0◦ specimens numerous areas of lack of fusion are detected,
where unmolten powder particles are still present (Figure 11). An extremely fine fibre microstructure
is clearly visible, composed of thin grains elongated by the Z direction. The described morphology
accounts for the differences measured for the shear strength. Namely, specimens built in the 0◦

direction are the weakest, due to a combination of lack of fusion defects and ineffective orientation of
the fibre structure versus the shear stresses. For 45◦ specimens, the shear stresses act perpendicularly
to the texture obtained by LPBF. Specimens produced in the 90◦ orientation are the strongest since they
benefit from shear loads acting along the direction of the fine elongated grain structure. An additional
effect of higher percentage of columnar grains in 90◦ specimens as compared to 0◦ ones, similar to the
findings by Hadadzadeh et al. [15], cannot be excluded.

Figure 10. SEM observations of the rupture surface of A357.0 shear test specimens. The failure
morphology changes with the growth direction of the specimen: (a,d) 0◦, (b,e) 45◦, and (c,f) 90◦.
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Figure 11. Lack of fusion onto the shear rupture surface of a 0◦ specimen.

Other authors previously observed a mixed quasi-cleavage and dimpled morphology on the
fracture surfaces of A356 tensile samples, in the as-cast condition or after T6, as well as of A357
produced by LPBF [18,19]. Jiang Wen-Ming et al., found that the dimpled morphology is dispersed
uniformly under the T6 condition, compared to the as-cast condition.

The rupture surfaces obtained in the tensile tests exhibit the presence of numerous large voids
(Figure 12), which could apparently be ascribed to a much higher porosity than that measured on
metallographic sections like the one in Figure 5. Actually, crack propagation proceeds through
pores located at different layers, so the number of open pores that can be observed on the rupture
surfaces is not a direct measurement of the percentage porosity. Differently from previous results for
Al-12Si [14], no step-like morphology was observed in this study, which corroborates the achievement
of a fully densified metal structure in which hatch overlaps are successfully evened out by a correct
choice of laser parameters. Dimpled rupture is the prevailing failure mode for the specimens in the
present study, but it acts synergistically with other mechanisms. The dimples are equiaxed in those
regions of the specimens where a tensile stress component is predominant. However, traces of plastic
micro-deformation and parallel slip bands can be also detected on the surfaces. Parallel slip bands
are clearly visible around the large void in Figure 12a, and they are shown at higher magnification in
Figure 12d. Shear band areas have been observed before on the rupture surfaces of A356 cast tensile
test specimens [18], but the additive manufactured specimens in this study show much larger slip
band areas than do the cast specimens.

The rupture surfaces in Figure 12 may be ascribed to cellular fracture [14]. Cellular fracture is
typical of multi-phase materials, where the various phases have different mechanical properties, as in
this case α-Al and Si precipitates that segregate along the cellular boundaries. On the cellular fracture
surface, the features of both brittle and ductile fracture are present simultaneously. Each particular
phase constituent cracks according to its proper decohesion mechanism. Very often in the boundaries
between brittle and ductile phases, the continuity is preserved, as in the surfaces observed in Figure 12.

Some authors [20,21] have affirmed that the fracture morphology of an aluminium alloy is
influenced to a great extent by the type of test and by the specimen geometry; these variables change
the local stress state and consequently the failure mode. The observations in this paper confirm these
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findings, since the statistical proof of anisotropy in the mechanical response is combined with the
distinct failure modes that are identified depending on the combination between the build orientation,
which determines the orientation of the columnar structure in the sample, and the type of load
(tensile or shear) that is applied macroscopically.

Figure 12. Rupture surfaces of A357.0 tensile test specimens: (a,d) 0◦,(b) 45◦, and (c) 90◦.
Dimpled rupturing is an important failure mode for these specimens, but it acts synergistically with
the formation of parallel slip bands.

4. Conclusions

The paper reports the characterization of A357.0 specimens produced by means of LPBF and
contributes to the knowledge base of this very recent alloy. The results allow for the assertion of
the following:

• The measured yield- and tensile strength values are: (i) in good agreement with those reported
in literature; (ii) encouragingly comparable to those typically measured for cast parts after T6
treatment; and (iii) consistent with those reported in the datasheets by AM system producers,
if the heat-treatment conditions are considered.

• Both the tensile- and the shear strength show a small (but statistically significant) raise as the
direction of the specimens approaches the growth direction. The opposite trend is observed
for percent total extension at fracture that is almost halved in the Z- versus in the XY direction.
Vertical samples are the strongest and least ductile.

• Tensile modulus and yield strength do not show statistically significant anisotropy. Variations for
different building orientations are comparable to the scatter of experimental data.

• The rupture morphology of A357.0 is influenced to a great extent by the load condition, by the
specimen geometry, and by the relative orientation of loads versus the directions of inherent
anisotropy in LPBF processes. Specimens show an extremely fine fibre microstructure made of
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thin grains that extend along the Z direction. Both the shear- and the tensile rupture morphologies
account for the anisotropy measured for the mechanical properties, since the fibre microstructure
varies its reinforcing effectiveness depending on its relative orientation as compared to that of the
applied stresses.

• Both for shear loads and for tensile ones, dimpled rupture is an important failure mode, but
it acts synergistically with the formation of parallel slip bands. Regardless of the type of load
applied macroscopically to the part, when the local stress state on the elongated grains is tensile,
the rupture mode is a very fine dimple coalescence. When the fibre structure is locally subjected to
shear stresses, which act tangentially to the elongated grains, rupture occurs by shear plastic flow,
in which the material is spread over the surface. The extension of the plastic flow area increases
as shear stresses become parallel to the build layers.
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