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Preface to ”Advances in Manufacturing and

Characterization of Functional Polyesters”

In the field of polymer science, bio-based and biodegradable polymers are rapidly developing 
due to the rapid depletion of fossil fuels and environmental pollution deriving from traditional 
plastics. This trend includes aromatic polyesters derived totally or partially from natural resources 
as well as recycled polyesters, such as bio-based polyethylene terephthalate (bio-PET) and recycled 
polyethylene terephthalate (r-PET), respectively, and biodegradable aliphatic polyesters. In some 
cases, despite being obtained from petroleum, these polyesters can undergo biodisintegration 
under controlled compost soil. Examples of biodegradable petroleum derived polyesters 
include poly(ε-caprolactone) (PCL) and poly(butylene succinate) (PBS). Furthermore, some other 
biodegradable polyesters are also obtained from biomass, such as polylactide (PLA), or even 
microorganisms, such as polyhydroxyalkanoates (PHAs). Blends and composites based on 
these polyesters also represent a recurrent solution due to their good balance in terms of easy 
manufacturing, improved sustainability profile, and tailor-made performance. Therefore, all the 
above polyesters contribute to sustainable development. Furthermore, they can be functionalized by 
copolymerization, the use of micro- and nanoparticles or reactive compatibilizers to tailor the desired 
thermal and mechanical properties, barrier performance, biodegradation, and biocompatibility. 
Functionalization can widen their potential use in both commodity and technical areas such as 
packaging, textiles, automotive, building and construction, and also in specialized fields such as 
tissue engineering and the controlled release of drugs, electronics, or shape-memory devices.

This book is divided into thirteen chapters that gather a series of research articles focused on 
the manufacturing and characterization of functional polyesters. The book starts with two chapters 
devoted to the synthesis of functional copolyesters with adjustable properties depending on the 
polymerization conditions, their monomer contents, or thermal and mechanical post-treatments. 
Thereafter, the book follows with four chapters covering the development of functional polyesters 
as resorbable materials in bone tissue engineering. This part of the book is based on research articles 
reporting the use of blends and nanocomposites based on PCL, PLA, and PHA that can satisfy most 
of the current requirements for bone fixation of load-bearing devices in terms of both mechanical 
performance and degradation rates. The next two chapters describe the potential application of 
functional polyesters in the development of sound absorbing materials and sustainable advanced 
composites. It then continues with two more chapters focused on the packaging field, which show 
that PLA and its green composites with food waste derived fillers can be used for compostable food 
containers and disposable articles with high performance. Finally, the book ends with three chapters 
that discuss strategies to valorize the waste of polyester-based materials such as those found in bottles 
for water and beverages, food trays, or fibers for textiles. All these research articles describe the use 
of nanostructured functional fillers and/or reactive additives to increase the physical–mechanical 
properties of r-PET and their blends with virgin polyester such as bio-PET by reinforcement or 
a process of the chain-extension mechanism of the polyester chains. All the studies gathered in 
this section indicate that secondary recycling of bio-based but non-biodegradable polyesters can be 
feasible from environmental and economic points of view.

The present book can be of interest to a diverse audience of researchers and professionals 
working in any area of polymer science and engineering and in academia, industry, or government, 
including but not limited to scientists, engineers, consultants, etc. This book also intends to make

ix



original and cutting-edge research works in the field of synthesis, characterization, manufacturing,

and applications of functional polyesters accessible to a broad readership.

Rafael Balart, Sergio Torres-Giner, Octavio Fenollar, Nestor Montanes, Teodomiro Boronat

Editors
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In the last few years, a remarkable growth in the use of functional polyesters has been observed.
This trend comprises the development of aromatic polyesters derived either from renewable resources
or recycling processes on account of the rapid depletion of fossil fuels and the cost of extracting
polymers from petroleum. Furthermore, biodegradable aliphatic polyesters are also being rapidly
developed due to pollution deriving from traditional plastics. The latter group includes both bio-based
and petroleum derived polyesters that are biodegradable, that is, they can undergo biodisintegration
under controlled compost soil or natural conditions. Moreover, blends and composites based on these
novel polyesters represent a recurrent and cost-effective solution due to their good balance in terms of
easy manufacturing, improved sustainability profile, and tailor-made performance. All these polyesters
do not only contribute to sustainable development but they can also be functionalized to tailor their
desired properties in terms of thermal and mechanical properties, barrier performance, biodegradation,
and biocompatibility. For instance, copolymerization and the use of micro- and nanoparticles or reactive
compatibilizers can widen the potential use of polyesters in both commodity and technical areas
such as packaging, textiles, automotive, building and construction, and also in specialized fields such as
tissue engineering and controlled release of drugs, electronics or shape-memory devices. The present
Special Issue gathers a series of thirteen articles focused on the manufacturing and characterization of
functional polyesters.

In terms of technical applications, the synthesis of functional materials is increasingly important
for optical devices and electronics. In this regard, Jeong et al. [1] developed a novel copolyester for
next-generation flexible devices in optics. To this end, authors synthesized by melt polymerization and
subsequent solid-state polycondensation (SSP) a copolyester, named PCITN, based on 2,6-naphthalene
dicarboxylic acid (NDA), terephthalic acid (TPA), 1,4-cyclohexanedimethanol (CHDM), and isosorbide
(ISB). Polymerization carried out in two steps led to a PCITN copolyester having a high molecular
weight (Mw = 68,900 g/mol), which was successfully shaped thereafter into films by extrusion at
290 ◦C. The resultant randomly-oriented PCITN films were preheated for 25 min and then tensile
stretched and uniaxially cold drawn at 150 ◦C in machine direction (MD) at different draw ratios
(λ = 1~4) to increase molecular chain orientation. The uniaxially oriented films showed high glass
transition temperature (Tg of up to 140 ◦C) and Young’s modulus (E = 2.6 GPa), which was ascribed to
the use of the low segmental mobility and high thermal stability of the building block ISB. The PCITN
films also presented lower water absorption (0.54 wt.%) and birefringence (�n = 0.09) when compared
with other conventional substrate polymers used for flexible electronics such as polyimide (PI),
poly(ethylene 2,6-naphthalate) (PEN), and polyethylene terephthalate (PET). Copolymerization in two
stages was also explored by Safari et al. [2] to develop random copolyesters with adjustable properties

Polymers 2020, 12, 2839; doi:10.3390/polym12122839 www.mdpi.com/journal/polymers1
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depending on their crystallinity. Authors synthesized poly(butylene succinate)-ran-poly(ε-caprolactone)
(PBS-ran-PCL) copolyesters by transesterification/ring opening polymerization (ROP) reaction of
1,4-butanediol (BD), dimethyl succinate (DMS), and ε-caprolactone (CL) followed by polycondensation
at reduced pressure. The PBS-ran-PCL copolyesters showed isodimorphic behavior with a controllable
balance between comonomer inclusion and exclusion, where at some intermediate compositions the
crystal lattice of each one of the components partially tolerate the presence of the other. In particular,
the pseudo-eutectic point was found at 55 mol.% CL, where both PBS- and PCL-rich phases crystallized,
whereas single PBS- and PCL-rich crystals were respectively formed at compositions based on lower and
higher CL-unit molar contents. Furthermore, the phase crystallization of PBS-ran-PCL with pseudo-eutectic
composition was successfully controlled by varying the isothermal crystallization temperature.

Only specifically developed functional polyesters can fulfill the specific challenges of the constantly
developing biomedical field. At present, biodegradable aliphatic polyesters are being intensively
studied as resorbable materials in bone tissue engineering, particularly for low-stress parts such as
small orthopedic plates, rods or bone screws. Accordingly, these polyesters can develop scaffolds
and biomaterial devices with desired geometries and special functionalities to attain osteoconductive
properties. However, polyesters cannot satisfy most of the current mechanical requirements for
bone fixation of load-bearing devices. In this regard, the use of micro- and nano-scale mineral
particles with high hardness and different bioactives is very promising. For instance, nanoparticles of
hydroxyapatite (nHAs) were used by Ivorra-Martinez et al. [3] to improve the mechanical performance
of the poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)] copolyester. It was observed
that the incorporation of the osteoconductive nanofiller yielded balanced properties to the microbial
copolyester in terms of strength and ductility, showing values of tensile modulus (Et) and elongation
at break (εb) ranging from approximately 1 up to 1.7 GPa and 6.5 to 19.4%, respectively. As a result,
the P(3HB-co-3HHx)/nHA nanocomposites presented a closer mechanical performance to that found
in the natural bone when compared to titanium (Ti) and alloys of metals such as stainless steel and
cobalt-chrome (Co–Cr) alloys.

Another challenge that polyesters is facing in the biomedical area is related to their inadequate
degradation rates, which would increase the risk of requiring additional chirurgical interventions,
eventually causing adverse tissue reactions or even infections. In this context, Torres et al. [4] also
employed nHAs and halloysite nanotubes (HNTs) to increase the surface wettability of hydrophobic
and hydrophilic sets of poly(ε-caprolactone) (PCL), polylactide (PLA), and their blends as well as
poly(2-hydroxyethyl methacrylate) (PHEMA) and its copolymer with ethyl methacrylate (EMA), that is,
poly(2-hydroxyethyl methacrylate-co-ethyl methacrylate) P(HEMA-co-EMA). Authors demonstrated
that both the blending of PCL with PLA and the incorporation of nHAs and HNTs provided hydrophilic
units and decreased the crystallinity of PCL, favoring the accessibility of water molecules to the ester
linkages. Therefore, in comparison with the unfilled PCL/PLA blend, mass loss increased up to
48% after incubation for 12 weeks in phosphate buffered saline (PBS) during the evaluation of their
degradation rate. Consequently, the mechanical properties of the polyesters decreased above 60% after
the incubation time due to the higher hydrolytic cleavage achieved. Similarly, Zhao et al. [5] developed
nanocomposites of PLA with 1 wt.% of nanoparticles and whiskers of magnesium oxide (MgO) that
were chemically modified with stearic acid. The in vitro degradation of the nanocomposites was
analyzed by PBS soaking for up to 12 months, showing that the addition of the stearic acid-modified
MgO accelerated the PLA’s water uptake rate, especially for the whiskers. Furthermore, the dissolution
of MgO through the neutralization of the acidic product of the PLA degradation contributed to
regulate the pH value of PBS. The in vivo results of the histological morphologies attained with
the nanocomposites further suggested that the presence of MgO can improve bone repair since,
when dissolving, it releases magnesium ions (Mg2+) that can activate a variety of enzymes that promote
the synthesis of proteins. In addition, PLA-based materials can also serve as a drug carrier for controlled
release applications. Micro- and nanoencapsulation using HNTs is promising to deliver different
active and bioactive compounds such as antioxidants, antimicrobials, antibiotics, or growth factors
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(GFs). In this regard, Montava-Jorda et al. [6] developed PLA composites with HNTs loadings of 3,
6, and 9 wt.%. Authors found that water uptake of PLA increased due to the hydrophilic nature of
the nanotubes, which offer a high surface area with hydroxyl (–OH) groups, and thus can favor the
degradation rate of the resultant wound dressings.

One of the most exciting areas of functional polyesters is the development of sound absorbing
materials. It has been demonstrated that, for instance, nonwoven structures of polyester fibers are
potential candidates in noise reducing panels. The research article of Yang et al. [7] estimated the
non-acoustic parameters of high-loft nonwoven panels made of a commercial polyester blend composed
of 45 wt.% staple polyester, 30 wt.% hollow polyester, and 25 wt.% bicomponent polyester provided
by the Technical University of Liberec (Liberec, Czech Republic). The panels, with densities ranging
from 16.93 to 45.56 kg/m3, were manufactured by perpendicular laying technology and were tested by
means of the Bayesian reconstruction procedure, implementing the Johnson-Champoux-Allard-Lafarge
model and Markov chain Monte Carlo optimization technique. The inversed method showed
that the polyester-based panels were homogeneous along with the panel thickness, presenting the
same inferred tortuosity. Mean relative differences of airflow resistivity and porosity of 0.019 and
0.004 were respectively attained, which mostly affected the thermal characteristic length. In the textile
area, linen (Linum usitatissimum) is among the most usable and profitable plants. One of its processing
by-products is flax fiber (FF), which can also be applied to replace glass fiber (GF) as a suitable
reinforcement in advanced composites of polyesters for several engineering applications such as panel
boards and insulation panels. However, lignocellulosic fibers habitually show a poor interfacial adhesion
with hydrophobic polyester matrices such as PLA. In this context, Agüero et al. [8] evaluated the influence
of different compatibilization strategies on the performance of PLA/FF composites. In particular,
the compatibilization routes consisted of silanization with (3-glycidyloxypropyl) trimethoxysilane
(GPTMS) and reactive extrusion (REX) with a commercial random copolymer of poly(styrene-co-glycidyl
methacrylate) (PS-co-GMA, Xibond™ 920, Polyscope, Geleen, The Netherlands), a multi-functional
epoxy-based styrene-acrylic oligomer (ESAO, Joncryl ADR 4368® , BASF S.A., Barcelona, Spain),
and maleinized linseed oil (MLO). Among the tested routes, the petroleum derived ESAO yielded the
highest mechanical resistance and toughness improvement and also the highest thermal stability due
to the chain-extension or cross-linking effect on PLA, whereas the most ductile green composites were
attained with MLO by plasticization.

Focusing on the packaging field, the PLA biopolyester is widely used for food containers
(e.g., food films and trays) or disposable articles (e.g., straws and cutlery). However, it habitually results
in extremely brittle materials with low ductility and toughness. To improve the impact properties of
PLA, Lascano et al. [9] incorporated an oligomer of lactic acid (OLA) in the contents of 5–20 wt.%.
At a loading of 15 wt.% OLA, it was observed a percentage increase of nearly 171% in the impact strength
of PLA. Furthermore, for low deformation angles, the OLA-containing PLA samples successfully
recovered over 95% of their original shape, while for the highest angles they still reached a recovery of
approximately 70%. In packaging applications, the development of eco-friendly or green composites
by the valorization of agrofood waste also shows several benefits including the enhancement of the
environmental profile, improved biodegradability, lightweight, or cost reduction. Among the wide
variety of agricultural wastes and food processing by-products, almond (Prunus amygdalus L.) shell
powder (ASP) was used by Ramos et al. [10] as the filler for a commercial biopolyester blend (INZEA F2®,
Nurel, Zaragoza, Spain) at 10 and 25 wt.%. In this study, the lignocellulosic filler was first subjected to
two grinding levels, yielding sizes of 125–250 and 500–1000 μm, and MLO and low-functionality ESAO
(Joncryl ADR 4400®, BASF S.A.) were added as compatibilizers. Authors reported that ASP successfully
improved the biodisintegration rate of PLA under composting conditions, while full disintegration
was obtained after 90 and 28 days for the green composites containing 10 and 25 wt.% ASP, respectively.
Authors concluded that the presence of ASP at high contents produced a significant discontinuity
in the polyester matrix, facilitating water penetration and favoring the growth of microorganisms
responsible for biodisintegration.

3



Polymers 2020, 12, 2839

Finally, disposal of waste polyester-based materials has become an urgent environmental problem
in the last decades. For instance, PET, which is widely used worldwide in bottles for water and
beverages, food trays or fibers for textiles, produces a plastic waste that is neither biodegradable nor
compostable, and recycling currently represents the only solution. Although the post-consumer uses of
recycled polyethylene terephthalate (r-PET) streams has increased, it is currently limited to low contents
in mixed formulations with virgin PET due to the weakening of its physical-mechanical properties as
a result of the MW reduction during processing derived from the cleavage of the polyester chains. Thus,
the use of nanostructured additives and/or reactive additives has emerged as a novel route to deal with
this technical issue. In the study of Dominici et al. [11], anhydrous calcium terephthalate anhydrous
salts (CATAS), a nanometric metal organic framework consisting of calcium ions (Ca2+) as metal
clusters coordinated to TPA as organic ligand, were developed and incorporated by melt processing
into rPET at different two levels of loadings, that is, 0.1–1 wt.% and 2–30 wt.%. Authors found that
0.4 wt.% of CATAS led to the formation of a rigid amorphous fraction due to the aromatic interactions
(π−π conjugation) between the rPET matrix and Ca-based salts, which was located at the rPET/CATAS
interface. In contrast, tangible changes were observed below this threshold, whereas a restriction of
rPET/CATAS molecular chains mobility was detected above 0.4 wt.% CATAS due to the formation of
percolation networks with hybrid mechanical characteristics. In another study, Montava-Jorda et al. [12]
melt-mixed at 15–45 wt.% partially bio-based polyethylene terephthalate (bio-PET) with r-PET flakes
that were obtained from pre-consumer waste streams of the food-use bottle industry and PS-co-GMA at
1–5 parts per hundred resin (phr) of polyester blend. For the polyester blend containing 45 wt.% of r-PET,
the addition of 5 phr of the reactive compatibilizer led to an enhancement in the elongation-at-break
value from 10.8 to 378.8%, whereas impact strength also increased from 1.84 to 2.52 kJ/m2. It was
concluded that, due to a chain-extension mechanism based on the reaction of the–OH and carboxyl
(–COOH) terminal groups of both bio-PET and r-PET chains with the multiple groups of glycidyl
methacrylate (GMA) present in PS-co-GMA, branched and larger interconnected macromolecules were
formed and contributed to improve the ductile performance of the polyester blends. Additionally,
in terms of improving the mechanical or secondary recycling of polyesters with other polymers,
Jorda et al. [13] reported binary blends of bio-PET with polyamide 1010 (PA1010), a fully bio-based
polyamide (bio-PA), compatibilized with PS-co-GMA. Authors reported that the addition of 30 wt.% of
PA1010, which provides a final renewable content of nearly 50 wt.% in the polymer blend, yielded
an immiscible droplet-like structure in which PA1010 droplets are embedded in the bio-PET matrix.
However, the intrinsic stiffness of the biopolyester was improved by the bio-PA also the addition of
PS-co-GMA at 3 phr, which induced a remarkable reduction of the droplet size from approximately 4 to
1 mm. According to these studies, secondary recycling of bio-based but non-biodegradable polyesters
can be feasible from environmental and economic points of view.

From the above, the Special Issue Advances in Manufacturing and Characterization of Functional
Polyesters published in Polymers, brings together a broad range of research works dealing with functional
polyesters to update the “state-of-the-art” knowledge in this field. Functionalization of polyesters was
successfully achieved by means of copolymerization, the use of additives at micro- and nano-scale or
reactive compatibilizers. The resultant materials can find potential uses in technical applications, such as
optical devices and electronics, in the biomedical field for tissue engineering and controlled release
of drugs, or as sound absorbing panels, textiles and apparel, advanced composites, and sustainable
food packaging.
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Abstract: This research synthesizes novel copolyester (PCITN) containing biobased isosorbide,
1,4-cyclohexandimethanol, terephthalic acid, and 2,6-naphthalene dicarboxylic acid and characterize
its properties. The PCITN copolyester was extruded into film, and its performance properties
including: tensile strength, Young’s modulus, thermal, dimensional stability, barrier (water barrier),
and optical (birefringence and transmittance) were analyzed after uniaxial stretching. The films have
higher Tg, Tm, dimensional stability, and mechanical properties than other polyester-type polymers,
and these performance properties are significantly increased with increasing stretching. This is due
to the increased orientation of molecular chains inside the films, which was confirmed by differential
scanning calorimetry (DSC), X-ray diffraction (XRD), and birefringence results. Good water barrier
(0.54%) and lower birefringence (�n: 0.09) of PCITN film compared to poly(ethylene terephthalate)
(PET), poly(ethylene 2,6-naphthalate) (PEN), and polyimide (PI) films, used as conventional substrate
materials for optical devices, make it an ideal candidate as performance material for next-generation
flexible devices.

Keywords: bio-based; copolyester; dimensional stability; flexible optical devices; uniaxial stretching;
birefringence; and barrier properties

1. Introduction

Biobased polymers have gained the attention of scientists due to the rapid depletion of fossil fuels
and increasing environmental pollution [1–4]. With the advancement and innovation of biotechnology
and chemical industry, a wide range of biobased monomers such as isosorbide (ISB) [5], lactic acid [6],
tannic acid [7], 2,5-furandicarboxylic acid [8], succinic acid [9], etc. have been developed and are being
used widely for the development of biobased polymers. However, their poor mechanical and thermal
properties limit their industrial applications for engineering polymers.

Among various biomass monomers, isosorbide (1,4:3,6-dianhydrohexitol; ISB) is well known
due to its superior performance properties. It is derived from glucose, and its bifunctional hydroxyl
groups facilitate the condensation or addition polymerization. Its unique rigid structure and chirality
significantly improve the glass transition temperature (Tg) and transparency of the resulting polymers.
Many efforts have been done to develop the ISB-based polyesters [10], epoxies [11], polyurethane [12],
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and polycarbonates [13,14], which are not only environmentally friendly but also have superior thermal
and optical properties. However, it is very difficult to get a high molecular weight product using ISB
alone due to its low reactivity and degradability during the polymerization process.

Poly(ethylene terephthalate) (PET) and poly(ethylene naphthalate) (PEN) are well known
conventional homopolyesters. High crystallizability, low Tg, and inferior barrier properties of
PET act as obstacles in its commercial applications, especially at high temperatures (>100 ◦C). PEN has
good thermal stability, however, expensive raw materials used for its synthesis, high birefringence, and
necking of the film during stretching limit its commercial applications. To replace the conventional
polymeric substrate for flexible electronics, materials need to offer ease of processing, high Tg, good
dimensional and thermal stability, good optical, and moisture barrier properties. The properties of
the polymers can be significantly improved by blending [15]. The performance properties of the
polyester-based composites are significantly higher than copolyesters [16]. However, polyester-based
composites are not suitable for the application where transparency and flexibility are required. So,
it would be of great interest to develop a biobased transparent and flexible copolyester for versatile
industrial applications.

This research focuses on the synthesis of terephthalic acid (TPA), 2,6-naphthalene dicarboxylic
acid (NDA), 1,4-cyclohexanedimethanol (CHDM), and isosorbide (ISB)-based copolyester that has
high Tg and good mechanical, thermal, and barrier properties, even with low ISB content compared to
conventional polyesters. It is important to note that the low reactivity of ISB prevents the obtaining
of high molecular weight polymer products, which limits the commercial application of polymers
as engineering plastics [17–19]. To overcome this problem, CHDM was incorporated to facilitate
between TPA, NDA, and ISB. Finally, PCTIN copolyesters containing 25 mole% of ISB (feed ratio)
with high weight average molecular weight (Mw: 68,900 g/mol) and Tg (121 ◦C) were successfully
synthesized by two-step melt polymerization. Novel PCITN copolyester film was fabricated using
a melt extrusion process to extend their commercial applications and analyze their performance
properties. We significantly improved the thermal, mechanical, dimensional stability, and barrier
properties, which is the weak point of bio-based polymers, by utilizing additional monomers: CHDM,
TPA, and NDA.

In this study, the fabrication and characterization of biobased novel PCITN film are being reported
to explore its versatile industrial applications such as a smart film. The fabricated semi-crystalline film
was uniaxially stretched (λ1–λ4) in machining direction (MD) at 150 ◦C. The influence of stretching
on thermal, mechanical, dimensional stability, optical, and barrier properties was studied. Analyzed
performances were found to increase linearly with increasing stretching, which is due to increased
molecular orientation in the stretched films. It is obvious from the results that based on the unique
performance properties of PCITN compared to PET, PEN, and Polyimide (PI) [20,21], this novel material
has the potentional to be used as a performance material in next-generation flexible electronic devices.

2. Materials and Methods

2.1. Materials

TPA (99.9%), ISB (99.8%), and CHDM (99.8%) with 70 mole% trans-isomers were purchased from
SK Chemicals (SKC; Suwon, Korea). NDA (99.8%) was purchased from BASF (Ludwigshafen, Germany).
The ultra-pure (99%) catalyst (titanium-N-butoxide (TNBT) and thermal stabilizer (phosphorous acid)
were used as received from Sigma Aldrich (Soul, South Korea). The high-purity monomers were
used as received. High purity (99.9%) solvents, like deuterated chloroform (CHCl3-d) (Sigma Aldrich,
Soul, South Korea), deuterated trifluoroacetic acid (TFA-d) (Sigma Aldrich, Soul, South Korea), and
o-chlorophenol (Sigma Aldrich, Soul, South Korea) used for the characterization of specimens, were
used as received without any further purification.
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2.2. Synthesis of Copolyester Followed by Solid-State Polycondensation (SSP)

2.2.1. Copolyester Synthesis

PCITN copolyester was melt polymerized using two different 5 L batch reactors of the pilot-scale
melt polymerization reactor [22]. For esterification, the residual oxygen was removed from the reactor
by purging pure nitrogen (N2). All the chemicals: TPA (249 g, 1.5 moles), NDA (973 g, 4.5 moles),
CHDM (1089 g, 6.8 moles), ISB (331 g, 2.3 moles) titanium butoxide catalyst (3.906 g; 300 ppm relative
to the total expected weight of the product), and phosphorous acid stabilizer (0.4850 g; 100 ppm relative
to the total expected weight of the product) were charged into the esterification reactor at a molar
ratio of diacid:diol = 1.0:1.5 for PCITN. The temperature of the reaction mixture was increased slowly
up to 270 ◦C and held at this temperature until the completion of the esterification reaction. At this
stage, water (by-product) generated during esterification reaction has been distilled out. After, this
product was transferred into the polycondensation reactor. For transesterification, the temperature
was gradually increased to 300 ◦C, the vacuum was reduced to 0.5 Torr, and these conditions were
maintained until the completion of the reaction. Torque meter value (Nm) was used to determine the
end-point of the reaction. The stirring speed was reduced gradually as the degree of polymerization
increased. The polycondensation reaction continued isothermally at 90 RPM, 60 RPM, and 30 RPM
until the torque value reached 1.6 Nm at each RPM. Finally, the reactor pressure was returned to
atmospheric pressure by purging N2 gas to avoid the oxidative degradation of the polymer. The
resulting PCITN copolyester was extruded from the reactor, quenched, and pelletized. The schematic
diagram for the melt polymerization of PCITN is shown in Scheme 1.

 
Scheme 1. The schematic diagram for the melt polymerization of PCITN copolyester.

Solid-state polycondensation (SSP) is an important step of the polymer industry as it significantly
increases the molecular weight of synthesized polymers making them suitable for a wide range of
commercial applications as an engineering plastic [23–25]. SSP of synthesized PCITN copolyester was
also carried out at optimized conditions (Temperature and time) under the nitrogen atmosphere. The
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synthesized PCITN copolyester was thoroughly characterized for its chemical structure, thermal, and
degradation behavior after SSP at 250 ◦C for 20 h.

2.2.2. Film Fabrication and Uniaxial Stretching

The extrusion grade PCITN copolyester having a high molecular weight (Mw: 68,900) and intrinsic
viscosity (IV: 0.77) was successfully fabricated into a film using the melt extrusion process at 290 ◦C.
The randomly-oriented film was successfully fabricated (thickness; 550 μm and width; 18 cm) and
wound up on a cold stainless-steel winder roll (25 ◦C).

As synthesized, randomly-oriented film specimens were preheated for 25 min before tensile
stretching and then uniaxially cold drawn (at 150 ◦C) in MD using a tensile stretching machine with a
speed of 1.3 mm/sec. To freeze the orientation of aligned polymeric chains obtained during drawing,
the stretched films were cooled down to room temperature using cold air without removing the stress.
The films with different draw ratios (λ) (1~4) were thus obtained and they were characterized for
their thermal, mechanical and thermal degradation behavior; dimensional stability; and optical and
barrier properties.

2.3. Characterization

The IV (dL/g) of PCITN copolyester was measured in the o-chloroform (OCP) solvent (15 g/15 mL)
using an automated Ubbelohde viscometer (no. 1C) at 30 ◦C. The number average molecular weight
(Mn), weight average molecular weight (Mw), and polymer dispersity index (PDI) were measured by
gel permeation chromatography (GPC, Agilent, Santa Clara, California, United States) using m-cresol
as a mobile phase at a velocity of 0.7 mL/min. The separation was performed with two Shodex LF804
columns at 100 ◦C equipped with a Malvern TDA 305 refractive index detector. The sample solutions
were filtered using a polytetrafluoroethylene microporous membrane (Merck Millipore, 0.45 μm pore
size) before injection. Mn, Mw, and PDI (Mw/Mn) were determined from universal calibration with
polystyrene standards.

For the actual chemical composition of synthesized copolyester, proton nuclear magnetic resonance
(1H-NMR, Bruker Cooperation, Billerica, Massachusetts, United States) spectra were obtained at 25 ◦C
by a Unity Inova 500NB High Resolution 500 MHz NMR Console. Deuterated chloroform (CHCl3-d)
and deuterated trifluoroacetic acid (TFA-d) (1:1) were used as solvent and tetramethylsilane (TMS) as
an internal standard and as reference for chemical shifts (parts per million, ppm). Chemical shifts were
expressed in ppm (parts per million) relative to an internal standard (TMS).

Thermal properties of polymer pallets were analyzed by differential scanning calorimeter (DSC
Q20, TA instruments, New Castle, Delaware, USA) thermograms. About 8–10 mg of the sample was
melted at 300 ◦C and then quenched to 40 ◦C at a cooling rate of 200 ◦C/min. Then, the temperature was
raised from 40 to 300 ◦C at a heating rate of 10 ◦C/min under N2 atmosphere. Thermal decomposition
behavior was analyzed by thermo-gravimetric analyzer (TGA Q50, TA instruments, New Castle,
Delaware, USA) thermograms. For this, the sample placed in the alumina pan of TGA was heated
from 40–600 ◦C at a scan rate of 10 ◦C/min under a constant N2 flow of 50 mL/min. The temperature at
which 5% weight loss is observed (Tid5%), the onset temperature of main degradation (Td50%), and
residue at 600 ◦C (%) were recorded from TGA analysis.

2.4. Characterization of Film Properties

Fabricated film specimens were thoroughly characterized using DSC for their Tg, Tm, cold
crystallization temperature (Tcc), cold crystallization enthalpy (ΔHc in J/g), and the melting enthalpy
(ΔHm in J/g). Only, the first heating thermogram (40 to 300 ◦C) of DSC was recorded to study the
effect of stretching on the thermal properties of the films. The degree of crystallinity (Xc) of all the film
specimens was also calculated from XRD analysis by the integration of corresponding amorphous and
crystalline peaks. For accurate results, fabricated films were analyzed four times. Tg was estimated as
the onset point in heat capacity associated with a transition.
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The dimensional stability of the film specimens was determined using a thermo-mechanical
analyzer (TMA6100, Seiko Exstar 6000, Seiko Instrument Inc., Chiba, Japan). For this, the values for the
coefficient of linear thermal expansion (CTE) of the film specimens (60 × 5 × 0.1 mm3) were recorded
from 30 to 120 ◦C with a heating rate of 5 ◦C/min and analyzed.

The influence of the stretching on the crystalline structure of the films was analyzed by high-power
wide-angle X-ray diffraction (XRD, D8 Advance, Bruker Cooperation, Billerica, Massachusetts, United
States) spectroscopy. For this, spectrograms of film specimens were obtained using CuKα radiations
(λ = 0.154 nm) in the 2θ range of 20 to 50◦ with a scanning speed of 2θ/min. Tensile testing of the
developed samples was carried out using a universal testing machine (UTM, E3000, E3000, Instron,
Norwood, Massachusetts, USA), with a crosshead speed of 50 mm/min. Samples were prepared (50
mm × 5 mm) according to the standard test method, ASTM D882 [26], before the testing. For the
reliability and accuracy of the mechanical data, the film specimens with different draw ratios (λ) were
analyzed four times. The tensile strength was measured as the ultimate tensile strength at the fracture
point while Young’s modulus was measured from the initial slope of the S-S curve (strain < 0.1%). The
water barrier (%) property was determined by the cup method by following the standard test method
ASTM D570-98 [27]. Before the testing, the film samples were conditioned for 1 week at 23 ± 2 ◦C and
65% RH. The film specimens were placed in the in DI water at 23 ± 2 ◦C and continued to record the
values for the wet weight until they reached a steady-state, usually after 11–12 h.

The water absorption (%) of samples was determined using the wet weight (g) and dry weight (g)
data as follows:

Water absorption (%) = [Wet weight (g) − Dry weight (g)] ÷ Dry weight (g) × 100%

Optical properties: transmittance and birefringence (Δn) of fabricated films were determined
using a UV–Vis spectrophotometer (S-400, Scinco, Seoul, Korea) and a wide range 2-D birefringence
analyzer system (WPA-100-L, Photonic Lattice Inc., Sendai, Japan), respectively. The percentage
transmittance (%) for wavelengths from 300–800 nm was recorded and analyzed. For Δn measurement,
retardation of white light in the absence of any sample between the light source and detector was used
as a reference. The retardation of the film sample was measured against the reference and analyzed.
The Δn values of film specimens were determined from their retardation (R) and thickness (d) values
using the formula as follow:

Δn = R/d

3. Results and Discussion

3.1. Actual Composition of PCITN Copolyester

The composition of monomers: ISB, CHDM, TPA, and NDA was estimated from the integration of
peak intensities of each proton of each monomer. The actual chemical composition of synthesized PCITN
copolyester was determined by 1H-NMR spectroscopy. 1H-NMR and assignments of characteristic
chemical shifts (δ) (ppm) are shown in Figure 1. Characteristics δ (ppm) peaks at 4.60, 2.12, 1.95, and
1.35 are assigned to trans-CHDM. While δ (ppm) peaks at 4.70, 2.25, 1.83, and 1.70 ppm are assigned to
cis-CHDM isomers. δ (ppm) peaks observed at 4.52, 5.84, 5.54, 5.10, 5.80, and 4.36 ppm are assigned
to hydrogen atoms 1, 2, 3, 4, 5, and 6 of the ISB linked with terephthalic units. The peaks for 1 and
6 overlap with the hydrogens (11) of the CHDM moiety. δ (ppm) peaks observed at 4.50, 5.73, 5.50,
5.06, 5.78, and 4.34 ppm are assigned to hydrogen atoms 1′, 2′, 3′, 4′, 5′, and 6′ of ISB between the
naphthalic unit and the terephthalic unit. The peaks for 1′ and 6′ overlap with the hydrogens (11) of
the CHDM moiety.
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Figure 1. 1H-NMR spectra of PCITN copolyester.

The δ peaks at 3.40~3.81 ppm are assigned to protons of CH2OH at the chain end of the polymer
chain. The δ peaks of diacid moieties: TPA (7) and NDA (8 and 9) appear at 8.11~8.21 ppm. However,
the δ peak at 8.73 ppm represented by 10 in the figure is assigned to the hydrogen atom of NDA,
which enables us to calculate the actual chemical composition of diacid moieties present in PCITN
copolyester. The amount of each monomer in PCITN copolyester was determined by the integration
of their corresponding δ peaks. Analyzed results (Table 1) indicate synthesized PCITN has a higher
amount of CHDM and TPA than feeding monomers, which indicates that CHDM and TPA have higher
reactivity than isosorbide and NDA, respectively. Our findings are also supported by the previous
research works [28–30].

Table 1. Characteristics of synthesized PCITN copolyester pallets

Tg (◦C) a 123.3 Mn
b 25,400

Tm (◦C) a 287.4 Mw
b 68,900

Tcc (◦C) a 222.9 PDI (Mn/Mw) b 2.70
ΔHm (J/g) a 46.99 IV c (dL/g) 0.77
CHDM/ISB
Feed Ratio 75/25 CHDM/ISB

Composition Ratio d 93.92/6.08

TPA/NDA
Feed Ratio 25/75 TPA/NDA

Composition Ratio d 30.95/69.05

a Glass transition temperature (Tg), cold crystallization temperature (Tcc), melting temperature (Tm), and melting
enthalpy ΔHm (J/g) were determined by differential scanning calorimeter (DSC). b Number average molecular
weight (Mn, g/mol), weight average molecular weight (Mw, g/mol), and polymer dispersity index (PDI) were
determined by gel permeation chromatography (GPC). c The intrinsic viscosity (IV) was determined in o-chloroform
(OCP) solvent by using automated Ubbelohde viscometer (no. 1C) at 30 ◦C. d Actual chemical composition of each
monomer in PCITN was determined by proton nuclear magnetic resonance (1H-NMR) spectroscopy.
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3.2. Mechanical Behavior of PCITN Films

Tensile testing of the film specimens with different draw ratios (λ) was conducted and the
representative stress-strain (S-S) curves are shown in Figure 2. PCITN films showed high tensile
strength, as can be seen in Figure 2a. The mechanical properties of as-synthesized PCITN film (λ1)
show the ultimate tensile strength as 50.5 MPa and strain as 35.8%. In the case of films having different
stretching (λ) such as λ2, λ3, λ3.5, and λ4, the values for the tensile strength are 71.2, 101.5, 132.8, and
154.5 MPa, respectively. It is obvious from the results that as the λ is increased, both tensile strength
(MPa) and Young’s modulus (GPa) are also increased (Figure 2b). Initially, tensile strength increased
linearly with increasing stretching (λ1–λ3) due to an increment in the molecular orientation of the
polymeric chain along the stretching direction. Then, a rapid increment in tensile was observed at
higher stretching (λ3–λ4) due to the stress-induced crystallization (SIC). Additionally, the film with the
highest stretching (λ4) exhibited the lowest strain at break. It can also be seen from the S-S curve that a
decrement in the strain at break is observed with increasing λ. These findings can be attributed to the
higher degree of molecular orientation during the stretching of the films. Lee et al. and Hoik et al. also
found that mechanical properties of the polymeric materials are directly influenced by the molecular
orientation [31,32]. Moreover, the unique V-shaped structure of ISB with a 120◦ angle between the
rings causes the hindrance of polymerization of polymer chains [33]. So, mechanical performance can
be affected by the orientation of polymeric chains.

 
Figure 2. Mechanical properties of cold-drawn PCITN films: (a) Tensile strength and (b) Young’s
modulus as a function of draw ratio (λ).

3.3. Direct Evidence of SIC by High Power X-ray Diffraction (XRD) Analysis

The XRD spectrum of the developed PCITN film specimens at the ambient room temperature
from 5 to 50 is shown in Figure 3. Three diffraction peaks for the randomly oriented PCTIN film
with λ1 that appeared at 7.84◦, 18.72◦ and 42.90◦ are corresponding to the Miller indices of (001),
(112) and (105), respectively. The peaks observed at 18.70◦ and 42.92◦ are the characteristic peaks of
amorphous regions, while the peaks observed at 7.84◦ are corresponding to the crystalline regions
of undrawn (DR1) film. This indicates that as-synthesized PCITN film is semi-crystalline, and it has
relatively low crystalline regions compared to stretched films. However, based on the XRD analysis,
the reduction in amorphousness of PCITN film can be seen as the intensity of the amorphous peaks
decreases with increasing λ. The new peaks are observed at 15.76◦, 17.68◦, 20.12◦, and 23.08◦ at higher
stretching (λ > 3), indicating that at the microscopic level the regular arrangement of molecular chains
of the films increases with increasing stretching. These peaks are attributed to the new crystallites
that appeared due to stretching and they are attributed to the Miller indices of (010), (111), (110), and
(100), respectively [34,35]. It indicates the appearance of the new crystalline regions at the expense of
amorphous regions due to the SIC at higher stretching (λ > 3).
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Figure 3. X-ray diffraction pattern of PCITN films stretched at different draw ratios (λ).

3.4. Thermal Properties and SIC Analysis of PCITN Film

The unique chemical structure of ISB with high thermal stability and low segmental mobility
makes it an interesting building block for a polymer having high thermal properties, especially the Tg.
Thermal properties of the developed uniaxially stretched PCITN films with different λ were analyzed
(Figure 4), and the results are summarized in Table 2. It is obvious from DSC analysis that the thermal
properties and Xc are directly influenced by the λ of the film. Tg was improved linearly while both Tcc

and ΔHcc were reduced with increasing λ. The gradual reduction in ΔHcc indicates that thermally
induced crystallites are reduced, and stress-induced crystallites are increased with increasing λ. ΔHm

(J/g) and Xc (%) also confirm the appearance of SIC at higher stretching (λ >3). Initially, the thermal
properties and crystallinity of the stretched films increase linearly with λ due to the gradual growth
of molecular chains along the stretching direction. Then, a rapid increment is observed at higher
stretching, which can be attributed to new crystallites due to SIC. The effect of the stretching (λ) on
thermal and Xc (%) behavior observed in this study can be due to increased symmetry of polymeric
chains, which was improved significantly by stretching. The beauty of this analysis is that its findings
are compatible with the previously reported research [36–38].
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Figure 4. DSC thermograms of the fabricated PCITN films.

Table 2. Influence of stretching on the thermal properties and Xc of PCITN film.

Draw Ratio
Tg

(◦C)
Tcc

(◦C)
ΔHcc

(J/g)
Tm

(◦C)
ΔHm

(J/g)
Xc

(%)
Tid5%

(◦C)
Residue at 600 ◦C (%)

1 123.9 220.5 18.20 277.5 20.49 8.65 394.7 1.9
2 125.1 149.2 10.61 275.1 21.86 43.43 398.3 4.3
3 131.9 - - 276.1 25.32 75.92 398.4 8.7
4 134.9 - - 275.4 26.66 97.65 396.4 13.4

3.5. Thermal Stability of the Fabricated PCITN Films

Thermal degradation behavior of the fabricated PCITN films stretched at different λ were
determined using TGA and the corresponding thermograms, indicating the high thermal stability, are
shown in Figure 5. The temperature corresponding to 5% wt loss of the initial weight and residue
(%) at 600 ◦C were recorded from TGA thermograms, and the results are summarized in Table 2. It is
evident from the TGA thermograms that all the analyzed samples have a one-stage decomposition,
indicating that they have a random copolymer structure. The residue (%) at 600 ◦C is increased with
increasing λ due to increased crystallinity (%) of the resultant stretched polymeric films. The same
finding was reported by Um et al. [39]. The high thermal stability of the fabricated film makes it
suitable for applications where high thermal stability is required.

 

Figure 5. TGA thermograms of the fabricated PCITN films.
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3.6. Improving the Dimensional Stability of Uniaxially Oriented Films

Dimensional stability is one of the most important parameters of polymer films for their various
industrial applications, especially in the field of flexible electronic devices. The dimensional stability of
the fabricated films was determined as their CTE behavior, and the results are shown in Figure 6. It
is found that the thermal stability of the PCITN film improves with increasing λ. The least thermal
expansion of PCITN film with λ4 indicates that it has the highest dimensional stability, which is due to
the higher degree of molecular orientation in this film than other films. Just like conventional plastic
films, novel PCITN films also show an undesirable dimensional change around Tg. This phenomenon
can be attributed to the facts: (a) the molecular relaxation due to the increased mobility of polymer
chains and (b) a rapid shrinkage or expansion due to the residual frozen stress within the stretched film
structure. Compared to stretched films, the unstretched film expands abruptly around its Tg due to
increased mobility of molecular chains. CTE behavior of the PCITN films was improved after uniaxial
stretching. It can be attributed to the fact that the orientation of molecular chains is significantly
improved with increasing λ. It is also reported by the previous researches that that increased molecular
orientation improves the dimensional stability of the resultant films [40,41].

 
Figure 6. The coefficient of linear thermal expansion (CLTE) plots between 30–120 ◦C for the uniaxially
stretched PCITN films.

3.7. Water Barrier Property

It is well known that good barrier properties of smart polymeric films are critical for their industrial
applications especially for next-generation flexible electronic applications. The results for the water
barrier of fabricated PCITN in comparison with commercial PET and PEN films are shown in Figure 7.
It shows that PCITN film has a better water barrier compared to conventional homopolyester films.
This superior water barrier is due to the presence of rigid ISB and cycloaliphatic CHDM units present in
the synthesized PCITN films compared to PET and PEN films. This superior water barrier is due to the
presence of rigid ISB and cycloaliphatic CHDM units present in the synthesized PCITN films compared
to PET and PEN films. It is also obvious from Figure 7 that water barrier property is also improved with
increasing λ. The increased water barrier of PCITN film with increasing λ is due to the well-known
facts of the improved orientation of polymeric chains and the appearance of new crystallites due to
SIC at higher stretching. It is important to note that our findings of water barrier properties are also
supported by XRD and DSC results (Sections 3.3 and 3.4). It is important to note that our findings of
water barrier properties are also supported by XRD and DSC results (Sections 3.3 and 3.4).
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Figure 7. Comparison of the water absorption (%) of developed PCITN films and commercial PET and
PEN homopolyester films.

3.8. Birefringence of As-Synthesized and Uniaxially Stretched PCITN Films

The birefringence can be used to evaluate the molecular orientation and relaxation phenomena of
the polymer films. To analyze the orientation development during uniaxial cold-drawing of PCITN
films, birefringence has been measured for drawn PCITN films, and the results in comparison with
uniaxially stretched PET film [37] are shown in Figure 8. It can be seen from the results (Figure 8)
that like PET film, PCITN film also exhibits three regimes during stretching. In the first regime, for
λ values up to 1.0~2.5, birefringence increases linearly with increasing λ. In regime II, for λ values
up to 3.0~4.0, a rapid increment in the birefringence is observed. In regime III (λ > 4), birefringence
reaches its saturation where further stretching cannot cause a significant variation in birefringence.
The birefringence results indicate how the molecular orientations are developed during the uniaxial
stretching of PCITN. In regime I, the birefringence of isotropic and randomly-oriented films increases
linearly with increasing λ due to the steady growth of molecular chains along the stretching direction.
An abrupt increment of birefringence in regime II is attributed to the development of SIC phases and
the reduction of amorphousness of the stretched films. In regime III, birefringence reaches its saturation
due to the achievement of maximum alignment polymer chains. Our results for the birefringence are
also supported by the previous research works [37,42]. Our research indicates that novel PCITN film
with lower birefringence can be used as an alternative performance material to conventional PET and
PEN films for optical applications (PEN > PET > PCITN) [43].
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Figure 8. Influence of uniaxial stretching on the birefringence of PCITN films in comparison with
uniaxially stretched PET film.

It is worthy to note that the analyzed properties of the developed PCITN film are
superior or comparable to the conventional polymeric substrates for flexible electronic devices
(Table 3) [20,37,44–46]. Uniaxially stretched PCTIN has better optical (Yellow color vs transparent)
and water barrier properties (water absorption; 1.8% vs 0.20%) than PI film [47]. Compared
to conventional polymer (PET, PEN, and PI), fabricated semi-crystalline PCITN film has unique
performance characteristics such as high Tg, wide processing window, good thermal degradation
behavior, low CTE, good water barrier, and low birefringence, which make this novel smart film an
ideal substrate for next-generation flexible electronics.

Table 3. Characteristics of uniaxially stretched PCITN film in comparison with PET, PEN, and PI films;
conventional polymeric substrate for flexible electronics

Property
PET

(Melinex)
PEN

(Teonex)
PI

(Kapton)
PCITN

(Uniaxially Stretched)

Tg (◦C) 78 120 360 140
Tm (◦C) 260 268 - 275

Commercial Availability Yes Yes Yes No
Transmission (400–700 nm), % 89 87 Yellow 86
CTE (−55 to 85 ◦C) (ppm ◦C−1) 15 13 30–60 5.8

Young’s modulus (GPa) 5.3 6.1 2.5 2.6
Birefringence (�n)

(Uniaxially Oriented) 0.24 0.48 - 0.09

Water absorption (%)
(Randomly Oriented) 1.08 0.98 - 0.54

The analyzed performance properties of PCITN can be further improved by heat setting and
biaxial stretching. The availability of raw materials, ease of synthesis, thermal stability, and wide
processing window of PCITN make it suitable for scale-up at the industrial scale. So, it is very easy to
develop PCITN film on a commercial scale by adopting the reported methods.

4. Conclusions

A novel PCITN copolyester containing a biobased monomer, isosorbide, with a high Tg and wide
processing window was synthesized by melt polymerization. The unique structure of ISB increased the
rigidity and Tg of synthesized copolyester. PCTIN films were successfully fabricated and thoroughly
characterized for their thermal, mechanical, optical, and barrier properties after the uniaxial cold
drawing (λ = 1~4) at optimized conditions. The performance properties of PCITN were significantly
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improved due to the increase in molecular chain orientation with increasing λ. The good thermal
behavior, high strength, good dimensional stability, good barrier, and optical properties are very useful
for polymers as a smart film for industrial applications. The unique characteristics of PCITN compared
to conventional polymers make it at futuristic performance material for flexible devices.
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Abstract: In this work, we study for the first time, the isothermal crystallization behavior of
isodimorphic random poly(butylene succinate)-ran-poly(ε-caprolactone) copolyesters, PBS-ran-PCL,
previously synthesized by us. We perform nucleation and spherulitic growth kinetics by polarized
light optical microscopy (PLOM) and overall isothermal crystallization kinetics by differential scanning
calorimetry (DSC). Selected samples were also studied by real-time wide angle X-ray diffraction
(WAXS). Under isothermal conditions, only the PBS-rich phase or the PCL-rich phase could crystallize
as long as the composition was away from the pseudo-eutectic point. In comparison with the parent
homopolymers, as comonomer content increased, both PBS-rich and PCL-rich phases nucleated much
faster, but their spherulitic growth rates were much slower. Therefore, the overall crystallization
kinetics was a strong function of composition and supercooling. The only copolymer with the
eutectic composition exhibited a remarkable behavior. By tuning the crystallization temperature, this
copolyester could form either a single crystalline phase or both phases, with remarkably different
thermal properties.

Keywords: isodimorphism; random copolymers; crystallization; nucleation; growth rate

1. Introduction

Biocompatible and biodegradable polymers are being developed for a wide range of applications
due to their potential to solve the environmental concerns caused by traditional nondegradable
plastics [1–4]. Among the biodegradable polymers that have been most intensively studied are aliphatic
polyesters such as Poly(glycolide) (PGA), Poly(L-lactide) (PLLA), Poly(ethylene succinate) (PES),
Poly(butylene succinate) (PBS), and Poly(ε-caprolactone) (PCL) [5,6]. Although aliphatic polyesters
have been used for many years in industrial, biomedical, agricultural, and pharmaceutical applications,
there is still room for many improvements [7,8]. The synthesis of random copolyesters, using
biobased comonomers, can overcome some of the drawbacks of biodegradable polyesters, such as slow
biodegradation rate (due to high crystallinity degrees) and undesirable mechanical properties [9–11].

The properties of crystallizable random copolymers constituted by two semicrystalline parent
components have been recently reviewed [12]. Depending on their ability to share crystal lattices,
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three different cases have been reported [12–14]: (a) total comonomer exclusion occurs when the
chemical repeat units are very different and the crystal lattice of each one of the components cannot
tolerate the presence of the other; (b) total comonomer inclusion or isomorphic behavior can only be
obtained in cases where the components can cocrystallize in the entire composition range (as their
chemical structures are very similar), forming a single crystal structure [15,16]; (c) an intermediate
and complex case, where a balance between comonomer inclusion and exclusion occurs, leading to
isodimorphic copolymers.

In isodimorphic random copolymers, at least one of the two crystalline phases includes some
repeat units of the minor component in its crystal lattice. When the melting point is plotted as a
function of composition a pseudo-eutectic behavior is commonly observed, where, on each side of
the pseudo-eutectic point, only the crystalline phase of the major component is formed, which may
contain a limited amount of the minor comonomer chains included in the crystal lattice [12].

In our previous works [10,17], we have synthesized and studied the morphology and crystallinity
of poly (butylene succinate-ran-caprolactone) (PBS-ran-PCL) copolyesters. In situ wide angle X-ray
scattering (WAXS) indicated that changes were produced in the crystalline unit cell dimensions of
the dominant crystalline phase. In addition, differential scanning calorimetry (DSC) measurements
showed that all copolymers could crystallize, regardless of composition, and their thermal transitions
temperatures (i.e., Tc and Tm) went through a pseudo-eutectic point when plotted as a function
of composition. Therefore, all this evidence demonstrated an isodimorphic behavior. At the
pseudo-eutectic composition, both PBS-rich and PCL-rich phases can crystallize [10,17].

In the current work, we perform a detailed isothermal crystallization study of PBS-ran-PCL
copolymers to determine the nucleation and crystallization kinetics of the copolyesters and study
the influence of composition on the crystallization kinetics. This information is very important as
it allows tailoring the properties of random copolymers as well as their applications. The analysis
of the isothermal crystallization kinetics of PBS-ran-PCL was performed using differential scanning
calorimetry (DSC), polarized light optical microscopy (PLOM), and in situ wide angle X-ray scattering
(WAXS).

2. Materials and Methods

2.1. Synthesis

The PBS-ran-PCL copolymers were synthesized by a two-stage melt-polycondensation reaction.
First, transesterification/ROP reaction of dimethyl succinate (DMS), 1,4-butanediol (BD), and
ε-caprolactone (CL), and then polycondensation at reduced pressure, as reported in detail
previously [17]. Samples are denoted in an abbreviated form, e.g., BSxCLy, indicating the molar
ratio of each component determined by 1H-NMR, as subscripts (x and y). Table 1 shows molar
composition, number- and weight-average molar mass and thermal transitions of the isodimorphic
random copolyesters under study in this work.
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Table 1. Molar composition determined by 1H-NMR, number- and weight-average molar mass
determined by gel permeation chromatography (GPC), and thermal transitions determined by
differential scanning calorimetry (DSC) (at 10 ◦C/min) of the materials employed in this work.

Copolyester Mn Mw Tg (◦C) Tc (◦C) Tm (◦C)

1 PBS 7500 21,470 −33 76 114
2 BS91CL9 8790 21,640 −36 61 104
3 BS78CL22 6580 18,000 −40 46 93
4 BS66CL34 7830 19,700 −44 14 73
5 BS62CL38 9750 27,300 −45 12 70
6 BS55CL45 8970 24,700 −46 7 62
7 BS51CL49 7400 23,500 −47 4 58
8 BS45CL55 8000 17,300 −48 −5/−22 13/49
9 BS38CL62 11,000 24,300 −50 −13 17

10 BS34CL66 10,000 29,900 −51 −10 18
11 BS27CL73 11,540 28,700 −53 −8 19
12 BS11CL89 6300 19,500 −56 10 36
13 PCL 5400 17,400 −60 34 55

2.2. Polarized Light Optical Microscopy (PLOM)

A polarized light optical microscope, Olympus BX51 (Olympus, Tokyo, Japan), equipped with an
Olympus SC50 digital camera and with a Linkam-15 TP-91 hot stage (Linkam, Tadworth, UK) (coupled
to a liquid nitrogen cooling system) was used to observe spherulites nucleation and growth. Films with
around 100 μm thickness were prepared by melting the samples in between two glass slides. For the
isothermal experiments, the conditions were very similar to those employed during DSC measurements.
The samples were heated to 30 ◦C above their melting point to erase their thermal history, and then
were rapidly cooled from the melt at 60 ◦C/min to the selected isothermal crystallization temperature,
Tc. Then, the sample was kept at Tc while the spherulites appeared and grew. To better compare
the compositions in a fixed common crystallization temperature, Tc values were chosen at the same
supercooling degree for PBS-rich compositions at ΔT = 40, 38, 36, 34, and 32 ◦C and for PCL-rich
compositions at ΔT = 40, 39, 38, 37, and 36 ◦C. The supercooling was calculated from the equilibrium
melting temperatures determined by Hoffman–Weeks extrapolations after isothermal crystallization in
the DSC, see below.

2.3. Differential Scanning Calorimetry (DSC)

Isothermal differential scanning calorimetry experiments were performed using a Perkin Elmer
8500 calorimeter equipped with a refrigerated cooling system Intracooler 2P, under a nitrogen
atmosphere (with a flow of 20 mL/min) and calibrated with high purity indium and tin standards.
The weight of the samples was about 5 mg and samples were hermetically sealed in standard
aluminum pans.

To investigate the overall crystallization kinetics, an isothermal protocol was applied. First,
the minimum isothermal crystallization temperature Tc,min was determined by trial and error following
Müller et al. [18,19]. Samples were quenched to Tc values (estimated from the nonisothermal DSC
runs) at 60 ◦C/min and then immediately reheated at 20 ◦C/min up to temperatures above the melting
point of the crystalline phase involved. If any latent melting enthalpy is detected, this means that the
sample was able to crystallize during the cooling to Tc, therefore, this Tc value cannot be used as Tc,min
and a higher Tc value is explored.

After the Tc range was determined, the isothermal crystallization experiments were performed,
closely following the procedure suggested by Lorenzo et al. [19]: (I) heating from room temperature to
30 ◦C above their melting point at 10 ◦C/min; (II) holding the sample for 3 min at that temperature to
erase thermal history; (III) quenching the sample to a predetermined crystallization temperature (Tc)
at 60 ◦C/min. Tc was in the range between −3 and 90 ◦C depending on composition; (IV) isothermal
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crystallization until maximum saturation; (V) heating from Tc to 30 ◦C above the melting point of the
sample at 10 ◦C/min, to record the melting behavior after the isothermal crystallization. This final
melting run provided the values of apparent melting points that were employed to perform the
Hoffman–Weeks extrapolation to calculate the equilibrium melting temperature of each material.

2.4. Simultaneous WAXS Synchrotron Measurements

To study the crystal structure during isothermal crystallization at the pseudo-eutectic point, the
BS45CL55 sample was examined by in situ WAXS performed at beamline BL11-NCD at the ALBA
Synchrotron radiation facility, Cerdanyola del Vallés, Barcelona, Spain. The samples in DSC aluminum
pans were placed in a Linkam THMS-600 stage coupled to a liquid nitrogen cooling system. WAXS
scans were taken periodically every 30 s during the isothermal crystallization. The energy of the X-ray
source was 12.4 keV (λ = 1.0 Å). In the WAXS configuration, the sample-detector, Rayonix LX255-HS
with an active area of 230.4 × 76.8 mm (pixel size: 44 μm2) distance employed was 15.5 mm with a tilt
angle of 27.3◦. The scattering vector was calibrated using chromium (III) oxide for WAXS experiments.

3. Results

We have studied previously [17] the nonisothermal crystallization behavior of the same
PBS-ran-PCL random copolymers employed in this work. The results demonstrated that these
copolymers exhibit an isodimorphic behavior.

Figure 1 presents a phase diagram for the PBS-ran-PCL system. These random copolymers exhibit
a single-phase melt and a single glass transition temperature, as expected for random copolymers.
Upon cooling from the melt, the materials are capable of crystallizing in the entire composition
range, in spite of being random, as demonstrated by NMR studies [17]. The copolymers display a
pseudo-eutectic point at the composition BS45CL55. This BS45CL55 copolymer is the only one in the
series that can form two crystalline phases upon cooling from the melt, i.e., a PBS-rich phase and a
PCL-rich phase (as evidenced earlier by WAXS and DSC [17]), hence the two melting point values
reported in Figure 1 for this composition. To each side of the pseudo-eutectic point, a single crystalline
phase is formed, either a PBS-rich phase (i.e., left-hand side of the eutectic) or a PCL-rich phase (i.e.,
right-hand side of the eutectic), with crystalline unit cells resembling those of PBS and PCL respectively.

 
Figure 1. Phase diagram based on data published in [17] on the nonisothermal crystallization of the
PBS-ran-PCL copolymers under study. Additionally, equilibrium melting temperatures obtained in the
present work by Hoffman–Weeks analysis of isothermally obtained data, are also included. The dashed
vertical line indicates the pseudo-eutectic point. The dashed horizontal line indicates an arbitrary room
temperature value.
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In the present work, we performed isothermal crystallization studies and calculated the equilibrium
melting temperatures (T0

m) of homopolymers and copolymers by employing the Hoffman–Weeks
extrapolation. Examples of Hoffman–Weeks plots can be found in Figure SI-3, while Figure 1 reports
the variation of the equilibrium melting temperatures obtained with composition. The T0

m values
show a similar trend with composition as the apparent melting peak temperatures determined by
DSC during nonisothermal experiments, and they also display a pseudo-eutectic point. These T0

m
values will be employed throughout this paper, as they are needed to fit the Lauritzen and Hoffman
nucleation and crystallization theory to analyze the experimental data.

The phase diagram shown in Figure 1 illustrates the versatility of isodimorphic copolymers. It is
well known that the optimal mechanical properties in terms of ductility and toughness of thermoplastic
semicrystalline materials are generally observed at temperatures in between Tg and Tm. Thanks to
random copolymerization, the copolymers exhibit a single Tg value that is independent of the melting
point of the phase (or phases in the case of the composition at the pseudo-eutectic point) that is able
to crystallize. This remarkable behavior provides a separate control of Tg and Tm which cannot be
obtained in homopolymers. Additionally, as Figure 1 shows, depending on composition, the samples
can be molten at room temperature or they can be semicrystalline. Such wide range of thermal
properties can lead to fine tuning mechanical properties and crystallinities to tailor applications.

3.1. Nucleation Kinetics Studied by PLOM

Counting the number of spherulites in PLOM experiments is the usual way of obtaining nucleation
data by assuming that each spherulite grows from one heterogeneous nucleus. In this work, we studied
the nucleation kinetics by determining the nucleation density as a function of time by PLOM, from
which nucleation rates can be calculated.

Figure 2 shows four examples of plots of the nucleation density ρnuclei (nuclei/mm3) as a function
of time for neat PBS, neat PCL, and two sample copolymers. The rest of the data can be found
in the Supplementary Information (Figure SI-1). The nucleation density increases almost linearly
with time at short times, then it tends to saturate. The number of heterogeneous nuclei that are
activated at longer times increases as nucleation temperature decreases, a typical behavior of polymer
nucleation [20]. As expected, the nucleation density at any given time increases as Tc decreases, because
the thermodynamic driving force for primary nucleation increases with supercooling [21].

Figure 3 shows plots of nucleation density versus temperature taken at a constant nucleation time
of 100 s for neat PBS and PBS-rich copolymers (Figure 3a) and 10 min in the case of PCL and BS11CL89

copolymer (Figure 3b).
PBS exhibits the lowest nucleation density of all samples, therefore, the largest spherulites (see

Figure 5 below). As the amount of CL comonomer increases in the PBS-rich copolymers (Figure 3a),
the nucleation density increases, as well as the supercooling needed for nucleation. In the case of
PBS-rich copolymers, Figure 3a (and Figure SI-1 in the SI) shows nucleation data for seven different
copolymers, with compositions ranging from 91% to 45% PBS.

The dependence of nucleation density on supercooling, can be observed in Figure SI-2. The data
presented in Figure 3a can be reduced to a supercooling range between 32 and 40 ◦C, i.e., only 8 ◦C.
This means that a large part of the horizontal shift in the curves of Figure 3a (spanning nearly 60 ◦C
in crystallization temperature) is due to changes in supercooling. These changes are caused by the
variations in equilibrium melting temperatures with composition (see Figure 1).

PCL has a higher nucleation density than PBS when compared at equal supercoolings (see Figure
SI-2b). When a small amount of BS comonomer is incorporated, as in random copolymer BS11CL89,
the nucleation density increases significantly (Figure 3b). Due to the very high nucleation density
of the other PCL-rich composition copolymers (with higher amounts of PBS), it was impossible to
determine their nucleation kinetics. Examples of the microspherulitic morphologies obtained for such
PCL-rich copolymers can be observed in Figure 5 below.
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It is interesting to note than in both sides of the pseudo-eutectic point (i.e., the PBS-rich
side represented in Figure 3a and the PCL-rich side represented in Figure 3b, see also Figure 1),
the copolymers exhibit higher nucleation density than their corresponding homopolymers. This
behavior could be somewhat analogous to what has been observed in long-chain branched polylactides
(PLLAs) [22] or long-chain branched polypropylenes (PPs) with respect to linear analogs [23].
The interruption of crystallizable linear sequences with defects has been reported to increase nucleation
density although the reasons are not clear. In the present case, the linear crystallizable sequence of
PBS, for instance, is being changed by the introduction of randomly placed PCL repeat units. Even
though the random copolyesters can form a single phase in the melt, there may be at the segmental
level, some preference for PBS-PBS local chain segmental contacts in comparison to less favorable
PBS-PCL contacts. We speculate that this may drive the enhancement of nucleation, but more in-depth
studies would be needed to ascertain the exact reason for this behavior.

  

  

Figure 2. Nucleation kinetics data obtained by polarized light optical microscopy (PLOM): (a) PBS;
(b) BS78CL22; (c) PCL; (d) BS11CL89. Nuclei density as a function of time at different crystallization
temperatures for the indicated samples.
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Figure 3. (a) Nuclei density during isothermal crystallization as a function of Tc at a constant time of
100 s for PBS-rich compositions and (b) at 10 min for PCL-rich compositions.

The Fisher–Turnbull nucleation theory [24] can be used to quantify the activation free energy of
primary nucleation. This theory gives the steady-state rate of primary nucleation per unit volume and
time, I = dN/dt, for a heterogeneous nucleation process on a preexisting flat surface (or heterogeneous
nucleus) as:

logI = logI0 − ΔF∗
2.3kT

− 16σσe(Δσ)T
◦2
m

2.3kT(ΔT)2(ΔHv)
2 , (1)

where I0 is related to the diffusion of polymeric segments from the melt to the nucleation site, ΔF* is a
parameter proportional to the primary nucleation free energy, and σ and σe are the lateral and fold
surface free energies, respectively. ΔT is the supercooling defined as ΔT = T0

m − Tc and T0
m is the

equilibrium melting point. Δσ is the interfacial free energy difference, given by:

Δσ = σ + σs/c − σs/m, (2)

in which σs/c is the crystal-substrate interfacial energy and σs/m is the melt-substrate interfacial energy.
Therefore, Δσ can be considered proportional to the surface tension properties of the substrate, polymer
crystal and polymer melt. The interfacial free energy difference is a convenient way to express the
nucleating ability of the substrate towards the polymer melt.

In this work, the values of T0
m (listed in Table SI-1 and plotted in Figure 1) were obtained by

isothermal crystallization DSC experiments followed by Hoffman–Weeks extrapolations (see Figure
SI-3). ΔHv is the volumetric melting enthalpy (J/m3) and it was estimated by ΔHV = ΔH0

m × ρ, so that
ρ = 1.26 g/cm3 and ΔH0

m = 213 J/g for neat PBS [25] and ρ = 1.14 g/cm3 and ΔH0
m = 139.5 J/g for neat

PCL [26].
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In this work, we employed the value of ΔH0
m = 213 J/g for neat PBS and PBS-rich phase

composition that has been recently obtained by some of us [25]. This value was determined employing
a combined DSC and X-ray diffraction method using isothermal crystallization data. This experimentally
extrapolated value is higher than that of ΔH0

m = 110 J/g, estimated empirically by the group contribution
method [27], but very close to the value of 210 J/g reported by Papageorgiou et al. [28].

The values of the nucleation rate I were calculated from the initial slope (i.e., at short measurement
times, where linear trends were obtained) of the plots shown in Figure 2 and Figure SI-1. Figure 4a
shows log I as a function of CL-unit molar fraction for a constant supercooling of ΔT = 40 ◦C. The
nucleation rate strongly depends on copolymer composition. Adding a comonomer randomly along
the chain to either PBS or PCL largely increases the nucleation rate. In the PBS-rich composition
side (to the left of the pseudo-eutectic point signaled by a vertical line in Figure 4a) the nucleation
rate increases up to 7.5 times with respect to neat PBS, as the amount of PCL units in the random
copolymer increases. Neat PCL nucleates faster than neat PBS. In the PCL-rich composition side, only
one copolymer was measured (whose nucleation rate increased two-fold with respect to neat PCL),
as increasing PBS content towards the pseudo-eutectic point increased nucleation rate so much that
measurements were no longer possible.

 

(
)

 

Figure 4. Nucleation rate (I) data: (a) log I as a function of copolymer composition, expressed as
mol % of ε-caprolactone (CL) units, taken at a constant supercooling of ΔT = 40 ◦C. The segmented
vertical line is drawn to indicate the pseudo-eutectic composition. (b) Plot of log I versus 1/Tc(ΔT)2 for
PBS-rich compositions. The black lines represent fittings to the Turnbull–Fisher equation (Equation (1)).
(c) Interfacial free energy difference (Δσ) as a function of composition. The segmented vertical line is
drawn to indicate the pseudo-eutectic composition.
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Figure 4b shows the Turnbull–Fisher plots for PBS and PBS-rich compositions based on Equation (1).
Turnbull–Fisher plots for PCL and BS11CL89 copolymer are presented in the supplementary information
(Figure SI-4). The nucleation data can be successfully fitted with the linearized version of Equation (1).
From the slope, a value of the interfacial free energy difference (Δσ) can be obtained.

Small values of Δσ are indicative of good nucleation efficiency since a lower amount of interfacial
energy is required to form the crystal–substrate interface. Table 2 reports a value of Δσ for PBS equal to
1.97 erg/cm2. As seen in Figure 4c (and Table 2), this interfacial free energy difference progressively
decreases in the copolymers as the amount of CL comonomer increases, indicating that the primary
nucleation process is facilitated by copolymerization with PCL until the pseudo-eutectic point is
reached. On the right-hand side of the pseudo-eutetic point in Figure 4c, PCL has a Δσ value of
1.53 erg/cm2, which is, as expected, smaller than that of PBS, as PCL has a larger nucleation density at
equivalent supercoolings than PBS. The copolymer B11CL89 shows an even smaller value of Δσ, as the
incorporation of PBS in the copolymer increases its nucleation capacity.

Table 2. Primary nucleation and growth isothermal kinetics data parameters according to Equations (1)
and (3) derived from experimental results obtained by PLOM.

Copolyester
Nucleation, Equation (1) Growth, Equation (3)

Δσ (erg/cm2) aR2 KG
g (K2) σ (erg/cm2) σe (erg/cm2) q (erg) bR2

PBS 1.97 0.938 8.66 × 104 12.4 79.5 3.37 × 10−13 0.983
BS91CL9 1.55 0.963 5.80 × 104 12.4 55.0 2.33 × 10−13 0.994
BS78CL22 1.52 0.993 5.12 × 104 12.4 49.6 2.10 × 10−13 0.973
BS66CL34 0.58 0.977 8.94 × 104 12.4 88.9 3.78 × 10−13 0.982
BS62CL38 0.36 0.913 8.92 × 104 12.4 89.4 3.87 × 10−13 0.982
BS55CL45 0.44 0.920 14.4 × 104 12.4 148.8 6.30 × 10−13 0.999
BS51CL49 0.32 0.944 14.5 × 104 12.4 148.9 6.32 × 10−13 0.999
BS45CL55 0.14 0.973 15.7 × 104 12.4 165.5 7.02 × 10−13 0.974
BS11CL89 1.13 0.867 14.7 × 104 6.8 169.6 6.32 × 10−13 0.999

PCL 1.53 0.999 10.4 × 104 6.8 112.0 4.17 × 10−13 0.996
a R2 is the correlation coefficient for the fitting of the nucleation kinetics with the Turnbull–Fisher model (Equation (1)),
log I vs. 1/T(ΔT)2. b R2 is the correlation coefficient for the fitting of the Lauritzen–Hoffman model (Equation (3)),
lnG + U*/R(Tc − T0) vs. 1/f.Tc.ΔT.

3.2. Kinetics of Superstructural Growth (Secondary Nucleation) by PLOM

PBS, PCL, and all the random copolymers prepared in this work exhibited spherulitic
superstructural morphologies. Examples of the spherulites obtained at a constant supercooling value
of 40 ◦C can be observed in Figure 5. Both PBS and PCL exhibited well-developed spherulites without
banding. PBS-rich copolymers that contain more than 34% PCL exhibit clear banding. This is consistent
with previous works indicating that the addition of diluents (for PBS-rich compositions, crystallization
occurs while PCL chains are in the liquid state) to several polyesters induces banding [29,30].

Isothermal crystallization experiments were performed to follow the growth of spherulites as
a function of time using PLOM. The growth rate was calculated from the slope of spherulite radius
versus time plots, which were always observed to be highly linear [18,31].

The experimental growth rates are plotted as a function of the isothermal crystallization
temperatures employed in Figure 6a with a linear scale and in Figure 6b with a log scale, so that
differences in G values for PBS-rich samples with PCL contents larger than 22% are observed.
The incorporation of PCL repeat units in the random copolymers have a dramatic influence on the
growth rate of the PBS-rich phase spherulites, as G decreases up to 3.5 orders of magnitude (Figure 6b).
The decrease in G values with comonomer incorporation for the PBS rich copolymers is due to
two reasons. Firstly, as in any isodimorphic copolymer, there is a competition between inclusion
and exclusion of repeat units within the PBS crystal lattice, where exclusion typically predominates.
Secondly, incorporation of PCL repeat units in the copolymer chains reduces Tg values (as shown in
Figure 1), thereby causing a plasticization effect on the PBS-rich phase. In the case of the PCL-rich
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compositions, the spherulitic growth rate was determined for only one copolymer (i.e., BS11CL89), as in
the other cases, as pointed out above, the nucleation rate and nucleation density were so high, that it
was impossible to measure the extremely fast growth of very small spherulites. For this copolymer,
the growth rate decreased in relative terms (see Figure 6c) by a factor of approximately 2.5 at a
supercooling of 40 ◦C.

Figure 5. PLOM micrographs after isothermal crystallization at ΔT = 40 ◦C for the indicated samples.

The data presented in Figure 6a are plotted as a function of supercooling in the Supplementary
Information (Figure SI-5). The PBS-rich growth rate data is shifted horizontally and but there is no
overlap in the y axis values. If we were dealing with a simple solvent effect, the growth rate curves
at different compositions should completely overlap in a master curve when plotted as a function
of supercooling. The lack of superposition is due to the fact that PCL repeat units are randomly
incorporated and covalently bonded with the PBS repeat units. The interruption of crystallizable PBS
repeat units (by the majority of PCL repeat units that are excluded from the crystals) makes more
difficult the secondary nucleation process.

32



Polymers 2020, 12, 17

Figure 6c shows how the growth rate depends on composition at a constant supercooling of 40 ◦C.
The trend is the opposite as that obtained for primary nucleation (compare Figure 6c with Figure 4a).
In order to quantify the restrictions imposed by the comonomer on the crystallization of the major
component, we employed the Lauritzen and Hoffman theory, as it allows the calculation of energetic
terms related to the secondary nucleation process (i.e., growth process).

The Lauritzen and Hoffman (LH) nucleation and growth theory [32] was used to fit the spherulitic
growth rate data as a function of isothermal crystallization temperature, according to the following
equation:

G = G0 exp
[ −U∗

R(Tc − T0)

]⎡⎢⎢⎢⎢⎢⎢⎣ −KG
g

f T
(
T0

m − Tc
) ⎤⎥⎥⎥⎥⎥⎥⎦, (3)

where G0 is the growth rate constant that includes all the terms that are temperature-insensitive,
U* is the transport activation energy which characterizes molecular diffusion across the interfacial
boundary between melt and crystals (in this work, we employ a constant value of 1500 cal/mol). Tc is
the crystallization temperature and T0 is a hypothetical temperature at which all chain movements
freeze (taken as T0 = Tg − 30 ◦C); T0

m is the equilibrium melting temperature and f is a temperature
correction factor given by the following expression: f = 2Tc/(Tc + T0

m).
The equilibrium melting temperatures T0

m were estimated by the Hoffman–Weeks linear
extrapolation (Figure SI-3 and Table SI-1). The parameter KG

g is proportional to the energy barrier for
secondary nucleation or spherulitic growth and is given by:

KG
g =

jb0σσeT0
m

kΔh f
, (4)

where j is assumed to be equal to 2 for crystallization in the so-called Regime II, a regime where both
secondary nucleation at the growth front and the rate of spread along the growing crystal face are
comparable [26]. The other terms in the equation are the width of the chain bo, the lateral surface free
energy σ, the fold surface free energy σe, the Boltzman constant k, and the equilibrium latent heat of
fusion, ΔH0

m.
Plotting lnG + −U

R(Tc−T0) versus 1/Tc(ΔT)f (i.e., the Lauritzen and Hoffman plots) gives a straight

line and its slope and intercept are equal to KG
g and G0 respectively. Examples of LH plots can be found

in the Supplementary Information, Figure SI-6. Having the value of KG
g , the magnitude of σσe can be

calculated from Equation (5). In order to calculate separately the values of σ and σe, the following
expression can be used [33]:

σ = 0.1Δh f
√

a0b0, (5)

where a0b0 is the cross sectional area of the chain. To obtain the parameters of the LH theory, the
following values were used for neat PBS and BS-rich compositions [34,35]: a0 = 5.25 Å and b0 = 4.04 Å,
and for neat PCL and CL-rich compositions [36]: a0 = 4.52 Å and b0 = 4.12 Å.

Finally, q, the work done by the macromolecule to form a fold is given by [33]:

q = 2a0b0σe. (6)

The solid lines in Figure 6a,b correspond to fittings to Equation (3). Table 2 shows that KG
g values

(which are proportional to the energy barrier for spherulitic growth) for the PBS-rich crystal phase tend
to increase as PCL repeat units are incorporated in the random copolymers until a maximum value is
reached at the pseudo-eutectic point. Similar trends are observed for the fold surface free energy and
for the work done to form folds.

A plot of fold surface free energy versus composition can be found in the Supplementary
Information (Figure SI-7). These results quantitatively measure how comonomer incorporation makes
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difficult the spherulitic growth of the PBS-rich phase. A similar interpretation can be done to the mirror
values presented in Table 2 for PCL and the BS11CL89 copolymer with respect to the PCL phase.

The results presented in the two sections above can be summarized by comparing Figure 4 with
Figure 6. The incorporation of comonomers at each side of the eutectic causes an increase in the
nucleation density and nucleation rate but at the same time a decrease in spherulitic growth rate.
These two processes, primary nucleation and growth are combined when a semicrystalline polymer
is crystallized from the melt. Their simultaneous effect can be ascertained by determining overall
crystallization kinetics by DSC.

 

  

 

Figure 6. Spherulitic growth rates determined by PLOM. (a) Growth rate, G, as a function of Tc.
(b) Same data as in (a) but G is plotted on a logarithmic scale. The black solid lines are fits to the
experimental data performed with the Lauritzen and Hoffman theory (L-H). (c) G versus CL-unit
content at ΔT = 40 ◦C. The black line is an arbitrary polynomial fit drawn to guide the eye.
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3.3. Overall Crystallization Kinetics Studied by DSC

The overall isothermal crystallization kinetics considers both nucleation and growth, and can
be conveniently determined by isothermal DSC experiments. Figure 7a,b shows the experimental
overall crystallization rate expressed as the inverse of the crystallization half time (τ50%). By DSC,
we were able to determine the overall isothermal crystallization kinetics for both homopolymers and
all copolymers (five copolymers where only the PBS-rich phase crystallized and four copolymers where
only the PCL-rich phase can crystallize).

For the special composition at the eutectic point (i.e., BS45CL55) that shows two crystalline phases,
PBS-rich phase and PCL-rich phase, we performed isothermal crystallization using different protocols.
For the PBS-rich phase crystallization, isothermal DSC experiments were performed at temperatures
where the PCL-rich phase is in the melt and cannot crystallize, while in the PCL-rich phase, a special
protocol was adopted to previously crystallize the PBS-rich phase to saturation (see experimental part).

Figure 7a,b shows the strong dependence of the overall crystallization rate and the temperature
range where measurements were possible on copolymer composition. In the case of the PBS and all
PBS-rich compositions, the overall crystallization proceeds from a single-phase melt. Upon increasing
PCL content, the amount of the crystallizable PBS-rich phase decreases and there will be more molten
PCL component causing a plasticization (“solvent effect”). In addition, the effect of PCL exclusion in
the PBS-rich crystal lattice may cause some further reduction in crystallization rate. Figure 7a shows
that the temperature needed for crystallization decreases as PCL content in the copolymer increases,
while the overall crystallization rate measured at the minimum Tc value possible tends to decrease.

 

 

Figure 7. Overall crystallization versus isothermal crystallization temperature for neat PBS and
PBS-rich compositions (a) and for neat PCL and PCL-rich compositions (b) versus Tc. Continuous lines
correspond to the fitting of the Lauritzen–Hoffman theory with the parameters in Table 3. Changes of Tc

versus CL-unit content in a constant rate (1/τ50% = 1 min−1) (c). Changes of inverse of half-crystallization
time, 1/τ50% versus CL-unit content in a constant supercooling degree, ΔT = 45 ◦C (d).
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Figure 7c plots the crystallization temperature needed to obtain the same overall crystallization rate
of 1 min−1. These Tc values monotonically decrease with PCL content until the pseudo-eutectic region
is reached. On the PCL-rich side, Figure 7b,c shows similar results, as the crystallization temperatures
needed to crystallize the PCL phase decrease as PBS repeat units are added to the copolymer.

To check if the supercooling is playing a major role upon changing composition, we plot the data
contained in Figure 7a,b as a function of ΔT in Figure 8a,b, respectively. Surprisingly, the trends are
quite different depending on the phase under consideration, or the composition range.

Figure 8a shows that the curves of PBS-rich overall growth rate data that originally spanned a
Tc range of approximately 90 ◦C (in Figure 7a) are now within 30 ◦C in supercooling, attesting for
the thermodynamic compensation of the solvent effect, as the PCL-rich phase is in the melt. In fact,
the curves of PBS and BS91CL9 completely overlap, while that of BS78CL22 is relatively close to that
of neat PBS. However, beyond 22% CL incorporation in the copolymer, the samples require much
larger supercooling to crystallize. It is clear that the dominant factor to the left of the eutectic point
is the growth rate, as the results presented in Figures 6a and 7a imply an overall crystallization rate
reduction with PCL incorporation in the copolymer, both in terms of crystallization temperature or
supercooling. In spite of the increase in nucleation density and nucleation rate (see Figures 3 and 4)
with PCL incorporation in the copolymer, it is the very large decrease in growth rate (of up to three
orders of magnitude, see Figure 6b) that dominates, leading to a decrease in overall crystallization rate
(Figures 7a and 8a).

 

Figure 8. Overall crystallization for neat PBS and PBS-rich compositions (a) and for neat PCL and
PCL-rich compositions (b) versus supercooling temperature.

Figure 7d represents the overall crystallization rate as a function of composition for a constant
supercooling of 45 ◦C. In the PBS-rich side of the pseudo-eutectic region (left-hand side of Figure 7d),
only three data points are plotted, as they are the only ones that could be measured at such constant
supercooling value (check Figure 8b). The trend clearly shows a significant decrease in overall
crystallization rate as CL unit content increases, as expected from Figures 7a and 8a and the discussion
above. Even though the value of supercooling is not exactly the same (with only 5 ◦C difference),
a comparison with Figures 4a and 6c clearly indicates that the PBS-rich phase overall crystallization is
dominated by growth rate.

Figure 8b shows remarkable results for the PCL-rich phase overall crystallization. The 1/τ50%

curves versus temperature span a temperature range of 65 ◦C (Figure 6b). When they are plot as a
function of supercooling, they only span 15 ◦C. However, they do not overlap, as would be expected
for a simple solvent effect. In fact, the supercooling needed for crystallization of the PCL-rich phase
remarkably decreases as PBS repeat units are included in the copolymer. The results indicate an
acceleration of the overall crystallization rate (at constant supercooling) that can only be explained by
the increase in both nucleation density and nucleation rate. We were only able to measure the increase
in nucleation density and nucleation rate in Figures 3 and 4 for neat PCL and BS11CL89, as further
incorporation of BS units increased the nucleation density so much that measurements by polarized
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optical microscopy of nucleation rate became impossible. Hence, we are convinced that primary
nucleation enhancement upon PBS repeat unit incorporation in the copolymers is the reason behind
the acceleration of the overall crystallization kinetics, when this is considered in terms of supercooling.
In the right-hand side of the pseudo-eutectic point in Figure 7d, the increase in overall crystallization
rate at a constant supercooling of 45 ◦C can be appreciated.

The Lauritzen and Hoffman theory can also be applied to fit the overall crystallization data
presented above. Equation (3) has to be modified to employ, as a characteristic rate, the inverse of the
half-crystallization time determined by DSC, as follows [37]:

1/τ50% = 1/τ50% exp
[

U
R(Tc − T0)

]⎡⎢⎢⎢⎢⎢⎢⎣ −Kτg

f T
(
T0

m − Tc
) ⎤⎥⎥⎥⎥⎥⎥⎦, (7)

where all the terms have been defined above, except for Kτg, which now represents a parameter
proportional to the energy barrier for both primary nucleation and spherulitic growth. The superscript
τ is used to indicate its origin (coming from DSC data, and hence from fitting 1/τ50% versus crystallization
temperature). In this way, it is different from KG

g , defined in Equation (3), derived from growth rate
data and therefore proportional just to the free energy barrier for secondary nucleation or growth.
The solid lines in Figure 7a,b and Figure 8a,b represent the fits to the Lauritzen and Hoffman theory.
Table 3 on the other hand reports all the relevant parameters.

There are no results in the literature regarding the isothermal crystallization of PBS-ran-PCL
copolymers, therefore, we cannot compare the parameters reported in Tables 2 and 3 with literature
values. In the case of the homopolymers, Wu et al. [38] and Papageorgiou et al. [39] reported Kτg values
for neat PBS equal to 1.157 × 105 and 2.64 × 105 K2, respectively, which are close to the value obtained
in this work, i.e., 2.04 × 105 K2. A value for KG

g for neat PBS reported [39] equal to 1.88 × 105 has been
reported, that is somewhat higher than that obtained in this work, i.e., 0.87 × 105 K2. For neat PCL,
the energetic parameters previously reported based on fits of the Lauritzen and Hoffman theories [40]
are in the same order of magnitude as those reported here [33].

Figure 9 plots both Kg values, obtained by PLOM (KG
g ) and DSC (Kτg ) as a function of CL-unit

molar content. As expected, all Kτg values are larger than KG
g values, as DSC measurements take into

account both nucleation and growth, while PLOM measurements considered only growth (see more
details in [37]).

In the case of KG
g values, the trends observed are expected in view of the results obtained in

Figure 6. The energy barrier for crystal growth increased with CL-unit molar content, since growth rate
decreased as comonomer incorporation increased. On the other hand, when we analyzed the results
obtained for Kτg in Figure 9, we noticed that there is a clear asymmetry depending on which side of the
pseudo-eutectic region the material is. On the PBS-rich side (left-hand side of Figure 9), Kτg values
rapidly increased upon CL units addition. This is expected from the results presented in Figure 7d,
where a large decrease in overall crystallization rate for the PBS-rich side of the composition range can
be observed.

In the case of the PCL-rich composition range, we would have expected a decrease in Kτg values
with PCL content increases according to Figure 7d. Instead, we observe in Figure 9 that the energy
barrier for both nucleation and growth does not significantly change with composition (see right-hand
side of Figure 9). We have to remember that for the PCL-rich copolymers the situation is particularly
complicated as the nucleation density and nucleation rate increase with CL-unit content but the growth
rate decreases. Hence, even though according to Figure 7d the overall crystallization rate at constant
supercooling seems to be dominated by primary nucleation, the values of Kτg are obtained from
the slope of the Lauritzen and Hoffman plots that take into account the full range of supercoolings
where the measurements were taken. Therefore, it seems that when the overall energy barrier is
considered, there is a balance between nucleation and growth which keeps the Kτg values constant
with composition.
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Figure 9. Kg versus CL-unit molar fraction that obtained for PLOM experiments (KG
g ) and DSC

experiments (Kτg ).

Table 3. Parameters obtained from fitting the DSC data presented in Figure 7a,b to the Lauritzen and
Hoffman model (Equation (7)).

Copolyester Kτg (K2) R2 σ (erg/cm2) σe (erg/cm2) q (erg)

PBS 2.04 × 105 0.9697 12.4 186.9 7.93 × 10−13

BS91CL9 1.85 × 105 0.9938 12.4 173.8 3.37 × 10−13

BS78CL22 2.44 × 105 0.9514 12.4 236.3 10.0 × 10−13

BS66CL34 2.92 × 105 0.9958 12.4 290.4 12.3 × 10−13

BS55CL45 3.76 × 105 0.9775 12.4 387.3 16.4 × 10−13

BS51CL49 3.79 × 105 0.9973 12.4 388.5 16.8 × 10−13

BS45CL55(BS− rich) 4.91 × 105 0.9502 12.4 518.7 22.0 × 10−13

BS45CL55(CL− rich) 12.5 × 105 0.9880 6.8 1377.0 51.3 × 10−13

BS38CL62 2.66 × 105 0.9917 6.8 328.0 12.6 × 10−13

BS27CL73 2.52 × 105 0.9845 6.8 305.9 11.4 × 10−13

BS11CL89 2.41 × 105 0.9945 6.8 278.4 10.4 × 10−13

PCL 2.40 × 105 0.9082 6.8 260.6 9.71 × 10−13

R2 is the correlation coefficient for the Lauritzen–Hoffman (Equation (7)) linear plots ln(1/τ 50%) + U*/R(Tc − T0) vs.
1/f ·Tc·ΔT.

3.4. Double Crystallization at the Pseudo-Eutectic Point

For the copolymer whose composition is within the pseudo-eutectic point, i.e., BS45CL55,
we performed isothermal crystallization in a wide range of crystallization temperatures Tc, to find the
temperature region where only one of the phases, PBS or PCL, is able to crystallize. Figure 10 shows
the heating DSC scan recorded at 10 ◦C/min for BS45CL55 sample after it was isothermally crystallized
at the indicated Tc values.

At least five different endotherms can be found upon close examination of Figure 10 and we
indicated with dashed lines how these endotherms approximately shift depending on the Tc values
employed before heating the samples. The first melting peak Tm1 is present in all melting curves
and its location is almost at 7 ◦C higher than the crystallization temperature. This peak has been
traditionally regarded as the melting of thin crystals formed during the secondary crystallization
process [41]. The second peak, labeled Tm2, appeared at Tc values lower than −6 ◦C and corresponds
to the melting of PCL-rich crystals. The third peak or Tm3 labeled peak in Figure 10 highly depends
on the isothermal crystallization temperature and corresponds to the melting of the PBS-rich crystals,
which were formed during the isothermal crystallization.

In addition, a melting peak (Tm5) at around 50 ◦C and another one just below it (Tm4) were observed.
The melting peak labeled Tm5 corresponds to the melting of PBS crystals that have reorganized during
the heating scan, and have a melting point which is almost constant at around 50 ◦C, regardless of the
crystallization temperature [42,43]. The Tm2 and Tm3 peaks increase almost linearly with increasing
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Tc. As shown in Figure 10, Tm3 disappeared in the DSC heating curves where the crystallization
temperature is less than −9 ◦C.

The morphologies obtained after isothermal crystallization at three selected temperatures can be
observed in Figure 10b–d. As it will be shown below, WAXS experiments confirmed that at very low
Tc values including −12 ◦C, only PCL-rich crystals can be formed. Figure 10d shows small spherulites
that were formed at Tc = −4 ◦C with spherulites size around 10 μm. At Tc = −8 ◦C, where both PCL
and PBS crystals can form, there are two crystals sizes, one with 4 μm radii (PBS crystals) and another
with around 1.5 μm size (PCL crystals), see Figure 10d. Figure 10b shows only PCL crystals with small
spherulites size (less than 1 μm) at Tc = −12 ◦C.

We performed in situ synchrotron WAXS experiments for the sample at the pseudo-eutectic
point, to clarify the temperature range of crystallization of the PBS-rich and the PCL-rich phases and
corroborate the assignment of the thermal transitions in Figure 10. These experiments were performed
during isothermal crystallization (for 20 min) at three different Tc values chosen from three different
crystallization regions in Figure 10.

Figure 11a–c shows selected real-time WAXS diffractograms for BS45CL55 (i.e., the sample at the
pseudo-eutectic point) measured during isothermal crystallization at −12, −9, and −6 ◦C. If the sample
shows characteristic reflections at q = 13.9 and 16.1 nm−1, they correspond to the PBS (020) and (110)
crystallographic planes. If the sample exhibits reflections at q = 15.3 and 17.4 nm−1, they belong to the
PCL (110) and (200) planes [10].

 

Figure 10. (a) DSC heating runs (at 10 ◦C/min) after isothermal crystallization at different temperatures.
See text for the explanation of the color code employed. PLOM micrographs after isothermal
crystallization at −12 ◦C (b), at −8 ◦C (c), and at −4 ◦ C (d) for the BS45CL55 sample.

Changes in the crystallization temperature strongly affect the diffraction pattern at the
pseudo-eutectic point. As can be seen in Figure 11, at −12 ◦C only the PCL-rich phase is able
to crystalize (Figure 11a) while at −6 ◦C (Figure 11c) only the PBS-rich phase crystallizes. On the
other hand, at the intermediate Tc value of −9 ◦C, both PBS-rich and PCL-rich phases can crystallize.
If the DSC curves of Figure 10 are considered again, the WAXS assignments are consistent with the
heating runs after crystallization for all samples crystallized at −9 ◦C and higher. In the case of low
crystallization temperatures, i.e., below −9 ◦C, it should be noted that WAXS indicate that only the
PCL-rich phase can crystallize. The DSC heating runs shown in Figure 10 also show melting transitions
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corresponding to the melting of PBS-rich phase. These PBS-rich phase crystals must be formed by
cold-crystallization during the heating scan for the samples crystallized at −10, −12, and −14 ◦C in
Figure 10. In fact, upon close examination of Figure 10, the end of a cold crystallization process can be
observed just after the melting peak of the PCL-rich phase crystals.

Taking into account the WAXS and DSC results presented in Figures 10 and 11, the DSC curves in
Figure 10 were plotted with a color code to indicate which phases can crystallize during isothermal
crystallization depending on the Tc values employed. If the Tc values are −10 ◦C or lower, only the
PCL-rich phase can crystallize, and the curves were arbitrarily plotted in red in Figure 10a. If the
Tc values are between −9 and −7 ◦C (including these two temperatures), both the PCL-rich and the
PBS-rich phases can crystallize (green curves in Figure 10). Finally, if the Tc temperatures are −6 ◦C
and above, only the PBS-rich phase can crystallize (blue curves in Figure 10).

The pseudo-eutectic sample, BS45CL55, exhibits a very interesting phase behavior, as depending
on the crystallization conditions, one or both phases can be formed. We have studied previously the
nonisothermal crystallization of the same copolymers employed here [17]. It is interesting to note that
under nonisothermal conditions, the cooling rate employed determines which phase can crystallize
and also if one or two phases are formed. In this work, on the other hand, we show that one or two
phases can be formed depending on the isothermal crystallization temperature chosen. Therefore,
the properties of this isodimorphic copolyester with pseudo-eutectic composition can be tailored by
varying both nonisothermal or isothermal crystallization conditions, a remarkable and novel behavior,
as far as the authors are aware.

  

Figure 11. Wide angle X-ray diffraction (WAXS) diffraction patterns of BS45CL55 registered during
isothermal crystallization at −12 ◦C (a), −9 ◦C (b), and −6 ◦C (c).

4. Conclusions

The complex isothermal nucleation, growth and overall crystallization of isodimorphic
PBS-ran-PCL copolyesters were studied for the first time. The equilibrium melting temperatures show
a very clear pseudo-eutectic point at a composition of BS45CL55. To the left of the pseudo-eutectic
point (in a plot of Tm

0 versus CL-unit molar content) only the PBS-rich phase is able to crystallize,
at the pseudo-eutectic point both PBS-rich and PCL-rich phases can crystallize and to the right of the
pseudo-eutectic point only PCL-rich crystals are formed. With respect to the parent homopolymers,
any comonomer incorporation on either side of the pseudo-eutectic point causes as increase in
nucleation density and nucleation rate, as well as a decrease in spherulitic growth rate.

As a result, the overall crystallization rate determined by DSC was a strong function of
composition and supercooling. For PBS-rich copolymers, the PBS-rich phase overall crystallization
rate-determining-step was the spherulitic growth rate. On the other hand, for PCL-rich copolymers,
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the nucleation rate (which was always larger for mirror compositions) gained more importance in the
control of the overall crystallization rate.

The crystallization of the isodimorphic copolyester with pseudo-eutectic composition can be
tailored by varying the isothermal crystallization temperature, depending on which, either one or both
phases are able to crystallize. Such remarkable property control allows the possibility of having a
single copolyester with only PCL crystals, only PBS crystals, or both types of crystals, thus exhibiting
very different thermal properties.
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1/17/s1, Table SI-1. Equilibrium melting temperatures for CoP(BSxCLy) compositions and their corresponding
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crystallization temperature for PBS-rich phase samples: (a) BS91CL9, (b) BS66CL34, (c) BS62CL38, (d) BS55CL45,
(e) BS51CL49, and (f) BS45CL55. Tc employed are chosen so that ΔT = 40, 38, 36, 34, 32 ◦C for all samples, Figure
SI-2. Nuclei density during isothermal crystallization as a functional ΔT for PBS-rich (a) and for PCL-rich (b)
copolyesters, Figure SI-3. Hoffman–Weeks plots for PBS-ran-PCL compositions. The black solid line represents the
thermodynamic equilibrium line Tm = Tc, Figure SI-4. Plot of log I versus 1/T(ΔT)2 and fitting to Turnbull–Fisher
equation (Equation (1)) for PBS-rich (a) and PCL-rich (b) compositions, Figure SI-5. Spherulitic growth rates G
determined by PLOM for neat PBS and PBS-rich (a) and for neat PCL and PCL-rich (b) copolymers as a function of
supercooling, Figure SI-6. The fits to the Lauritzen–Hoffman equation using the free Origin plug-in developed by
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Abstract: In the present study, poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]
was reinforced with hydroxyapatite nanoparticles (nHA) to produce novel nanocomposites for
potential uses in bone reconstruction. Contents of nHA in the 2.5–20 wt % range were incorporated
into P(3HB-co-3HHx) by melt compounding and the resulting pellets were shaped into parts by
injection molding. The addition of nHA improved the mechanical strength and the thermomechanical
resistance of the microbial copolyester parts. In particular, the addition of 20 wt % of nHA increased
the tensile (Et) and flexural (Ef) moduli by approximately 64% and 61%, respectively. At the highest
contents, however, the nanoparticles tended to agglomerate, and the ductility, toughness, and thermal
stability of the parts also declined. The P(3HB-co-3HHx) parts filled with nHA contents of up to
10 wt % matched more closely the mechanical properties of the native bone in terms of strength and
ductility when compared with metal alloys and other biopolymers used in bone tissue engineering.
This fact, in combination with their biocompatibility, enables the development of nanocomposite
parts to be applied as low-stress implantable devices that can promote bone reconstruction and be
reabsorbed into the human body.

Keywords: P(3HB-co-3HHx); nHA; nanocomposites; mechanical properties; bone reconstruction

1. Introduction

Bone fracture is one of the most common injuries. Bone regeneration encompasses three stages,
namely inflammation, bone production, and bone remodeling [1]. During the latter, it is extremely
important to expose the bone to the natural load-bearing conditions associated to its function [2].
Currently, titanium alloys such as Ti-6Al-4V are the most used for the manufacture of orthopedic fixing
devices and bone implants due to their excellent biocompatibility and high mechanical resistance [3].
However, they prevent the bone from being subjected to the required mechanical loadings [4]. Indeed,
while natural bone has a modulus ranging between 8 to 25 GPa, metals have a modulus of 110–210 GPa,
which results in the load being imparted onto the device rather than the bone which then causes a
localized decrease in bone mineral density [5]. Meanwhile, metal ion leaching increases inflammation
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and irritation around the implant [6]. As a result, there is often a need for a second surgery to remove
the fixation device, leading to higher medical costs and greatly increased patient discomfort. A current
alternative is the use of fixation devices that metabolize in the human body after fulfilling their
function [7]. In particular, the use of biopolymers with biocompatibility and reabsorption capacities is
very promising [8]. Biocompatibility involves the capability of a given substance to perform with a
suitable host response in a particular use. Furthermore, no substance or material can be “biocompatible”
if it releases cytotoxic substances. The degradation process of a given biopolymer within the human
body consists of two phases. First, the biopolymer chains break, either as a consequence of hydrolysis
or due to the action of a body enzyme. Thereafter, the human body assimilates the fragments.
For this purpose, either a phagocytosic or metabolic process develops [9]. Surface porosity, shape,
and tissue environment, including chemical build-up of the materials, play a significant role in
biocompatibility [10,11].

For the past few decades, polymers of the polyhydroxyalkanoates (PHAs) family have been
paving the way for the development of new biomedical products. These microbial biopolyesters
degrade when exposed to marine sediment, soil or compost. A vast number of microorganisms secrete
extracellular PHA-hydrolyzing enzymes, so-called PHA depolymerases, to degrade PHA into their
oligomers and monomers, which subsequently act as nutrients inside the cells [12]. Their potential as
alternatives for the manufacture of a wide range of medical devices, such as absorbable sutures, surgical
pins or staples, is well recognized on account of their biodegradable nature as well as disintegration
by surface erosion [13]. Broadly, the biocompatibility of PHA materials can be differentiated into
two categories, immunocompatibility and nonallergic response. The former involves the extent of
antigenic resemblance between the tissues of various individuals that determines the acceptance or
rejection of allografts. PHAs are essentially immunocompatible for use in medical applications, that is,
their materials should not elicit harsh immune responses upon introduction into the soft tissues or
blood of a host organism [14]. Indeed, 3-hydroxybutyrate (3HB), the main monomeric constituent of
most PHAs, is a result of cellular metabolism that is formed by oxidation of fatty acid within the liver
cells and it is a usual component of human blood [15]. Other previous studies have also revealed that
PHA did not elicit an allergic response or any hypersensitive immune reaction [10,16].

Depending on the number of carbon atoms in the monomers, PHAs can be classified as
short-chain-length PHAs (scl-PHAs; 3−5 C-atoms) and medium-chain-length PHAs (mcl-PHAs;
6−14 C-atoms). Generally, scl-PHAs are rigid and brittle, while mcl-PHAs have higher flexibility
and toughness [17]. Poly(3-hydroxybutyrate) (PHB) is the simplest and most common member
of the PHA family. However, the high brittleness of PHB and other scl-PHAs, such as
poly(3-hydroxybutyrate-co-3-hydroxyvalerate) (PHBV) with less than 15 mol % fraction of
3-hydroxyvalerate (3HV), restricts their application in bone fixing devices [18]. In this regard,
poly(3-hydroxybutyrate-co-3hydroxyhexanoate) [P(3HB-co-3HHx)], also referred as PHBH, represents
a recent addition to the group of PHAs for biomedical applications. The introduction of the mcl
3-hydroxyhexanoate (3HHx) co-monomer into the polymer backbone of PHB significantly increases
the flexibility and reduces stiffness [19]. Therefore, the macroscopic properties of P(3HB-co-3HHx) vary
with the proportion of each monomer in the copolyester [20], in which the higher the 3HHx content,
the higher the ductility [21]. Apart from the changes in the mechanical properties, the most remarkable
transformation that P(3HB-co-3HHx) brings along is its ability to undergo enzymatic degradation by
lipase [22], which is not seen in either PHB or PHBV. Prior experiments have shown that materials
based on P(3HB-co-3HHx) and other mcl-PHAs have good biocompatibility for chondrocytes [23], nerve
cells [24] as well as osteoblast and fibroblast cells [25,26]. This property should make P(3HB-co-3HHx)
a suitable choice for several tissue engineering applications since it adds a further variable that can be
used to tailor its degradation [27].

While PHAs are biocompatible substrates for cell propagation and are potentially an effective
template for the repair of osseous and chondral defects, there is still a need to improve the mechanical
strength, thermal resistance, and biological response of these biomaterials in order to make them
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more suitable for bone tissue engineering. Osteoconductive fillers can be introduced into polymer
matrices with the aim of improving the mechanical properties and also accelerating the bone
repair process by favoring the growth of bone cells inside the pores [28,29]. For example, calcium
orthophosphates (CaPO4) have bioactive properties that increase bone cell proliferation, the so-called
osteoinduction [30]. As a rule, both the mechanical resistance and bioactivity of composites prepared
with collagen, chitin and/or gelatin, increase with increasing CaPO4 content [31]. Hydroxyapatite,
Ca5(PO4)3OHCa5(PO4)3OH, which is the principal crystalline constituent of bone, shows a high degree
of biocompatibility and good osteoconductive and osteoinductive properties. Therefore, hydroxyapatite
nanoparticle or nanohydroxyapatite (nHA) is the most widely used “bioceramic” for the manufacture
of medical devices and dental implants [32]. This fact is exemplified by the production of prostheses
for cranial reconstruction using poly(methyl methacrylate) (PMMA)/nHA composites [33]. Indeed,
nHA exists in the human bone in the form of nanometer-sized threads, thus ensuring biocompatibility.
At present, it is mostly used to produce surface coatings, as its biomimetic mineralization enables the
production of biomaterials with biomimetic compositions and hierarchical micro/nanostructures that
closely mimic the extracellular matrix of native bone tissue [34,35].

Due to the well-known high bioactive properties in terms of bone regeneration of PHA- and
nHA-based composites, this study aims to determine the physical properties of injection-molded
parts made of P(3HB-co-3HHx)/nHA composites, for potential use as bone resorbable devices. To this
end, different contents of nHA were incorporated into P(3HB-co-3HHx) and the mechanical, thermal,
and thermomechanical properties were analyzed and compared to some metal alloy-based solutions
currently available in the biomedical field. As a first, the parts showed sufficient dimensional and
thermal stability for bone tissue engineering and their elasticity was nearer to that of the natural bone
when compared to the metal alloys used for bone implants.

2. Materials and Methods

2.1. Materials

P(3HB-co-3HHx) copolymer was supplied by Ercros S.A. (Barcelona, Spain) as ErcrosBio PH110.
The ratio of 3HHx in the copolyester is ~10 mol % and its number average molecular weight (Mn)
is 1.22 × 105 g/mol. It shows a melt flow index (MFI) of 1 g/10 min (2.16kg/160 ◦C) according to the
ISO 1133-2 standard and a true density of 1.20 g/cm3 following the UNE EN ISO 1183-1 standard.
Hydroxyapatite synthetic nanopowder was procured from Sigma-Aldrich S.A. (Madrid, Spain) with
commercial reference 677418. According to the manufacturer, it presents the following properties:
particle size < 200 nm, surface area > 9.4 m2/g by Brunauer-Emmett-Teller (BET) analysis, purity ≥ 97%,
and molecular weight (MW) of 502.31 g/mol.

2.2. Preparation and Processing of P(3HB-co-3HHx)/nHA Parts

Both P(3HB-co-3HHx) pellets and nHA powder were dried separately for at least 6 h at 80 ◦C in a
dehumidifying oven from Industrial Marsé S.A. (Barcelona, Spain). The materials were then pre-mixed
manually in closed zip-bags at the ratios presented in Table 1.

Table 1. Code and composition of the samples prepared according to the weight content
(wt %) of poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)] and hydroxyapatite
nanoparticles (nHA).

Sample P(3HB-co-3HHx) (wt %) nHA (wt %)

P(3HB-co-3HHx) 100 0
P(3HB-co-3HHx) + 2.5 nHA 97.5 2.5
P(3HB-co-3HHx) + 5 nHA 95 5

P(3HB-co-3HHx) + 10 nHA 90 10
P(3HB-co-3HHx) + 20 nHA 80 20
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The different P(3HB-co-3HHx) and nHA mixtures weighing 800 g were melt-compounded using
a co-rotating twin-screw extruder from Dupra S.L. (Castalla, Spain). It features two screws with
a diameter (D) of 25 mm and a length-to-diameter ratio (L/D) of 24, while the modular barrel is
equipped with 4 individual heating zones coupled to a strand die. Further details of the extruder
can be found elsewhere [36]. Extrusion was performed with a screw speed of 20–25 rpm to prevent
material degradation due to shear-induced viscous dissipation, a feed of 1.2 kg/h, and a barrel set
temperature profile of 110–120–130–140 ◦C from hopper to die. The extruded filaments were cooled
down in an air stream and pelletized using an air-knife unit.

Test parts for characterization were obtained by injection molding. The equipment (Meteor
270/75, Mateu & Solé, Barcelona, Spain) was operated with a barrel set temperature profile of
115–120–125–130 ◦C from hopper to nozzle, with the mold kept at 60 ◦C. An injection time of 1 s was
used to avoid material degradation by shear-induced viscous dissipation. The clamping force was
75 tons and the cooling time was set at 60 s. Parts with a thickness of approximately 4 mm were
obtained for characterization. Since P(3HB-co-3HHx) develops secondary crystallization with time,
the parts were allowed to age for 14 days at room temperature prior to characterization.

2.3. Mechanical Tests

Uniaxial tensile tests were performed according to the ISO 527-2: 2012 standard using a universal
testing machine ELIB-50 (Ibertest S.A., Madrid, Spain) fitted with a load cell of 5 kN and using a
3542-050M-050-ST extensometer from Epsilon Technology Corporation (Jackson, WY, USA). Flexural
properties were determined following the ISO 178: 2011 standard using the same equipment. Both
tests were carried out at 5 mm/min using 150 mm × 10 mm × 4 mm parts. Charpy impact tests were
performed following the ISO 179-1: 2010 standard. Samples with a V-shaped notch with a radius of
0.25 mm and dimensions 80 mm × 10 mm × 4 mm were subjected to the impact of a 1-J pendulum
impact tester from Metrotec S.A. (San Sebastián, Spain). Shore hardness was measured with a 673-D
durometer (J. Bot Instruments, Barcelona, Spain), following the ISO 868: 2003 standard. At least six
parts were tested for each mechanical test.

2.4. Thermal Tests

Samples weighing 5–10 mg were analyzed by differential scanning calorimetry (DSC) in a Q200
from TA Instruments (New Castle, DE, USA) to study the thermal transitions. The samples were
subjected to a three-stage thermal cycle in which the samples were first heated from −50 to 200 ◦C
and cooled down to −50 ◦C in order to eliminate the thermal history and then reheated to 200 ◦C.
All the heating and cooling scans were performed at 10 ◦C/min. Testing was performed under inert
atmosphere using a nitrogen flow of 50 mL/min. The degree of crystallinity (XC_max) was calculated
using Equation (1) [37]:

Xcmax =

[
ΔHm

ΔHm · (1−w)

]
· 100% (1)

where ΔHm (J/g) corresponds to the melting enthalpy of P(3HB-co-3HHx), ΔHm
0 (J/g) is the theoretical

value of a fully crystalline of P(3HB-co-3HHx), taken as 146 J/g [38], an 1 − w indicates the weight
fraction of P(3HB-co-3HHx) in the sample.

Thermogravimetric analysis (TGA) was performed to determine the thermal stability of the
injection-molded parts. Samples weighing 10–20 mg were heated from 30 to 700 ◦C at a heating rate of
20 ◦C/min in a TGA 100 from Linseis Messgeräte GmbH (Selb, Germany) under nitrogen atmosphere
with a flow rate of 25 mL/min. All thermal tests were carried out in triplicate.

2.5. Thermomechanical Tests

Injection-molded parts sizing 10 mm × 5 mm × 4 mm were subjected to a temperature sweep from
−70 to 100 ◦C at a heating rate of 2 ◦C/min using a DMA-1 from Mettler-Toledo S.A. (Barcelona, Spain).
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Dynamic thermomechanical analysis (DMTA) was carried out in bending mode with a maximum
bending strain of 10 μm at a frequency of 1 Hz and a force of 0.02 N.

The dimensional stability of the parts was studied by thermomechanical analysis (TMA) in a Q400
thermomechanical analyzer from TA Instruments (New Castle, DE, USA). The applied force was set to
0.02 N and the temperature program was scheduled from −70 to 70 ◦C in air atmosphere (50 mL/min)
at a constant heating rate of 2 ◦C/min. All thermomechanical tests were performed in triplicate.

2.6. Microscopy

The fracture surfaces of the injection-molded parts after the Charpy impact tests were analyzed
by field-emission scanning electron microscopy (FESEM) (Oxford Instruments, Abingdon, UK) with
an electron acceleration voltage of 2 kV. A gold-palladium coating was applied through sputtering
(SC7620, from Quorum Technologies Ltd, East Sussex, UK). Additionally, to visualize the dispersion of
nHA in the P(3HB-co-3HHx) matrix, the fracture surfaces were attacked with 6M hydrochloric acid
(HCl) (37% purity, Panreac AppliChem, Barcelona, Spain) for 12 h to selectively remove nHA prior to
observation [39].

2.7. Statistical Analysis

Statistical evaluation of the mechanical, thermal, and thermomechanical properties of
P(3HB-co-3HHx)/nHA parts was carried out with the open source R software (http://www.r-project.org)
with a Shapiro–Wilk test regarding a normal distribution for n < 1000. Tukey tests were performed to
determine significant differences between the data on normally distributed data. In order to establish
the non-parametric relationship between mechanical properties and nHA content in the parts, the
Spearman’s correlation test was followed. The number of tested samples for each test is included in
Table 2 and the level of significance was established as p < 0.05 in all cases.

Table 2. Number of tested samples (n) for each injection-molded poly(3-hydroxybutyrate-co-3-
hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite nanoparticles (nHA) parts and the type of statistical
test performed for each testing method with level of significance (p).

Testing Method n Normality Test p Significance Test p

Tensile 6 Shapiro–Wilk 0.05 Tukey 0.05
Flexural 6 Shapiro–Wilk 0.05 Tukey 0.05

Hardness 7 Shapiro–Wilk 0.05 Tukey 0.05
Impact strength 8 Shapiro–Wilk 0.05 Tukey 0.05

DSC 3 - - Kruskal-Wallis 0.05
TGA 3 - - Kruskal-Wallis 0.05

DMTA 3 - - Kruskal-Wallis 0.05
TMA 3 - - Kruskal-Wallis 0.05

DSC = differential scanning calorimetry; TGA = thermogravimetric analysis; DMTA = dynamic thermomechanical
analysis; TMA = thermomechanical analysis.

3. Results and Discussion

3.1. Mechanical Characterization of the P(3HB-co-3HHx)/nHA Parts

The data collected for the mechanical properties from the tensile, flexural, hardness, and impact
Charpy tests of the neat P(3HB-co-3HHx) and P(3HB-co-3HHx)/nHA composite parts produced with
the different compositions is summarized in Table 3. Figures 1 and 2 display the effect of nHA
incorporation on the tensile and flexural properties, respectively, whereas Table 4 shows the correlation
coefficient (rs) and p for each mechanical property according to the Spearman’s test.
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Table 3. Mechanical properties of the injection-molded parts of poly(3-hydroxybutyrate-co
-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite nanoparticles (nHA) in terms of maximum
tensile stress (σmax), tensile modulus (Et), elongation at break (εb), maximum flexural stress (σf), flexural
modulus (Ef), Shore D hardness, and impact strength.

Part σmax (MPa) Et (MPa) εb (%) σf (MPa) Ef (MPa) Shore D Hardness
Impact

Strength
(kJ/m2)

P(3HB-co-3HHx) 17.7 ± 1.1 1022.3 ± 59.2 19.4 ± 0.8 24.1 ± 1.9 735.3 ± 43.5 64.2 ± 0.8 5.1 ± 0.3
P(3HB-co-3HHx) + 2.5 nHA 16.1 ± 0.5 * 1097.0 ± 52.3 * 12.9 ± 0.3 * 25.6 ± 1.0 * 744.1 ± 26.3 64.0 ± 0.9 3.5 ± 0.2 *
P(3HB-co-3HHx) + 5 nHA 15.8 ± 0.6 1113.1 ± 28.3 12.5 ± 0.8 26.4 ± 1.8 813.2 ± 24.1 * 65.2 ± 0.8 * 2.6 ± 0.2 *
P(3HB-co-3HHx) + 10 nHA 15.5 ± 0.5 1398.2 ± 68.3 * 10.4 ± 0.6 * 26.7 ± 0.5 919.8 ± 38.6 * 65.8 ± 1.1 2.2 ± 0.1 *
P(3HB-co-3HHx) + 20 nHA 14.2 ± 0.2 * 1681.4 ± 56.3 * 6.5 ± 0.7 * 26.9 ± 1.9 1182.5 ± 45.2 * 69.4 ± 0.5 * 1.7 ± 0.2 *

* Indicates a significant difference compared with the previous sample (p < 0.05). Level of significance (p) values are
included in Table S1.

 

Figure 1. Evolution of the maximum tensile stress (σmax), tensile modulus (Et), elongation at break (εb)
in the injection-molded parts of poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]
with the content of hydroxyapatite nanoparticles (nHAs). * Indicates a significant difference compared
with the previous sample (p < 0.05)

 

Figure 2. Evolution of the maximum flexural stress (σf) and flexural modulus (Ef) in the injection-molded
parts of poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)] with the content of
hydroxyapatite nanoparticles (nHAs). * Indicates a significant difference compared with the previous
sample (p < 0.05).
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Table 4. Spearman’s test correlation coefficient (rs) and level of significance (p) for each
mechanical property.

Mechanical Properties rs p

σmax (MPa) −0.917 0.028
Et (MPa) +0.988 0.002
εb (%) −0.903 0.035

σf (MPa) +0.782 0.118
Ef (MPa) +0.993 0.001

Shore D hardness +0.977 0.004
Impact strength (kJ/m2) −0.839 0.032

The tensile properties of the injection-molded P(3HB-co-3HHx) parts were relatively similar
to those reported by Giubilini et al. [40], although the here-prepared materials were slightly less
mechanically resistant and more ductile. These differences could be related to the 3HHx monomer
content in the copolyester as well as to differences in processing. One can observe in both Table 3 and
Figure 1 that the values of σmax and εb decreased, while those of Et increased with increasing nHA
concentration in the nanocomposite parts. The Spearman’s test confirmed the existence of a trend
between the tensile properties of the nanocomposites and the nHA content, showing a negative rs

trend (inversely proportional correlation) for σmax and εb and a positive trend (directly proportional
correlation) for Et, while in all cases p < 0.05. In particular, the addition of 20 wt % of nHA produced a
slight decrease of σmax from 17.7 to 14.4 MPa, but an increase of nearly 64% in Et (from approximately
1 to 1.7 GPa) accompanied with a significant loss of ductility (εb was reduced from 19.4 to 6.5%).
The reduction in stress was probably caused by the poor interface adhesion between biopolymer and
nanofiller. Higher interfacial adhesion can probably be promoted through the pretreatment of nHA
with silanes [41], but it could negatively affect the biocompatibility of the parts. The increase in Et was
anticipated, since nHA forms highly rigid structures. Furthermore, as it will be discussed during the
thermal characterization, the addition of nHA could promote higher degrees of crystallinity and, hence,
higher stiffness. Although similar results have been reported earlier [42,43], the here-prepared parts
showed higher ductility due to the use of a more flexible PHA. The decrease observed in stiffness with
increasing nHA content can be attributed to insufficient wetting and impregnation of the nanoparticles
by the polymer matrix, mainly due to particle agglomeration during manufacture or processing of
the materials [44]. However, melt-mixing methodologies using co-rotating twin-screw extruders,
as adopted here, can generally yield well-dispersed nanocomposites [45]. Ductility loss was expected
since the presence of nHA can prompt polymer crystallinity, hindering chain mobility due to adsorption
of biopolymer chains on the surface of the nanoparticles [46,47].

In Figure 2, it can be seen that the addition of nHA to P(3HB-co-3HHx) increased both σf and
Ef, particularly the latter. The former increased up to a content of 5 wt % of nHA and then became
insensitive to higher nanoparticle contents, since the values showed no significant differences. Indeed,
the Spearman’s test showed a positive correlation (rs > 0) for both Ef and σf, however, for the latter,
the statistical hypothesis should be rejected as p was higher than 0.05. Contrarily, the addition of 20 wt %
of nHA caused an increase of approximately 60% of Ef, as similarly observed above for Et. The resultant
increase in mechanical strength can be related to the intrinsic high values of compressive strength and
modulus of nHA, which are in the ranges of 500–1000 MPa and 80–110 GPa, respectively [48,49].

In comparison with the mechanical values of other degradable and non-degradable materials,
the P(3HB-co-3HHx)/nHA parts produced in this study showed intermediate values to most
biodegradable polymers and metal alloys. For instance, the Et values of poly(ε-caprolactone) (PCL)
and PLA materials range between 400–600 MPa [50] and 2−3 GPa [51,52], respectively, while other
biodegradable copolyesters such as poly(butylene adipate-co-terephthalate) (PBAT) show significantly
lower values [53]. However, PLA is a brittle polymer, which can limit its application in bone fixation
devices, or any other biomedical device that would be subjected to local flexural stress or impacts.
The values attained are relatively similar to those of poly(lactic-co-glycolic acid) (PLGA), that is,
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1.4−2.8 GPa [54]. Indeed, PLGA is widely used in biomedical and pharmaceutical applications, but it
shows longer degradation times, which can extend up to 12 months [55]. Regarding metal alloys, the Et

values of the most widely used stainless steels for implant fixing devices and screws, that is, SUS316L
stainless steel and cobalt-chrome (Co-Cr) alloys, are around 180 GPa and 210 GPa, respectively [56].
Lower values have been reported for titanium (Ti) and its light alloys, such as Ti-6Al-4V ELI, which are
also widely used for making implant devices, having a value of around 110 GPa [57]. As shown above,
in comparison to metal alloys, the elasticity of the P(3HB-co-3HHx)/nHA composites prepared in this
study is nearer to that of the natural bone, which is in the 8–25 GPa range [5]. Thus, from a mechanical
point of view, their use in bone scaffolds and resorbable plates or screws looks promising.

As expected, hardness increased with the presence of nHA that, due to its ceramic nature, is highly
rigid. The increase was significant at nHA contents higher than 2.5 wt % and this effect was statistically
corroborated by Spearman’s test, showing a positive trend with an rs value of ~0.98. In addition,
molecular mobility could be reduced due to the presence of the nanoparticles [58]. In particular,
the incorporation of 20 wt % of nHA yielded an increase of 8% in hardness. A similar increase in Shore
D hardness was reported by Ferri et al. [39] for PLA after the incorporation of nHA. In particular,
it increased from 73.9, for neat PLA, up to 78.4, for the PLA composite containing 30 wt % of nHA.
As also anticipated, the impact strength of the nanocomposites diminished significantly with increasing
nHA content with significant differences between the samples, which was confirmed by the negative
correlation obtained by the Spearman’s test (rs � −0.84). For instance, the nanocomposite parts
containing 20 wt % of nHA revealed an impact strength approximately three times lower than that
of the neat P(3HB-co-3HHx) part, that is, it reduced from 5.1 to 1.7 kJ/m2. Lower values of impact
strength were reported for V-notched injection-molded pieces of PLA, that is, 2.1 kJ/m2 [51]. In addition,
significantly higher values have been described for Ti-6Al-4V, with a Rockwell hardness C (HRC) of 38
and approximately 112 kJ/m2 impact strength [59]. In the case of natural bone, toughness varies widely
with age and type. For instance, the impact strength of the femora ranges from 4 to 70 kJ/m2 [60].
Therefore, the various mechanicals tests revealed a clear tendency towards a decrease in ductility and
an increase in stiffness of the injection-molded parts with increasing nHA content, which are closer to
those of the natural bone.

In summary, the here-developed P(3HB-co-3HHx)/nHA parts showed an improvement of the
stiffness determined in terms of Et and Ef, in which a positive trend was observed in both cases (rs > 0).
The ductile properties, that is, εb and impact strength, showed negative trends (rs < 0), which was
ascribed to a chain mobility reduction that also contributed to a hardness increase of the nanocomposite,
showing a positive trend in the Spearman’s test.

3.2. Thermal Characterization of the P(3HB-co-3HHx)/nHA Parts

Figure 3 displays the DSC curves for the neat P(3HB-co-3HHx) part and the P(3HB-co-3HHx)/nHA
composite parts with different nanoparticle contents. Table 5 presents the thermal properties obtained
from the second heating scan, after erasing the thermal history of the sample. At approximately
0 ◦C, one could observe a step change in the base lines, which corresponded to the glass transition
temperature (Tg) of P(3HB-co-3HHx). This second-order thermal transition was located at −0.3 ◦C
for the neat biopolymer and it was significantly unaffected by the presence of nHA. The exothermic
peaks located between 40 and 70 ◦C corresponded to the cold crystallization temperature (Tcc) of
P(3HB-co-3HHx). In the case of the neat biopolymer part, this peak was located at 49.8 ◦C. It could
be observed that the values of Tcc increased with increasing nHA content until 10 wt %, and then
slightly decreased at the highest content tested, that is, 20 wt %. These results suggested that low nHA
contents impaired the movement of P(3HB-co-3HHx) chains and, hence, hindered the crystallization
process. A similar thermal behavior during the analysis of the second heating curves was recently
observed by Senatov et al. [61], who associated the presence of nHA to a decrease in the molecular
chain mobility of the biopolymer that impeded the crystallization process. Finally, the crystalline
P(3HB-co-3HHx) domains melted in the thermal range from 100 to 150 ◦C in two peaks. Furthermore,
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the occurrence of a broad melting region suggested the presence of heterogeneous crystallites with
different degrees of perfection, commonly produced in PHAs with relatively high comonomer
contents [62]. The thermogram of neat P(3HB-co-3HHx) revealed two melting temperatures (Tm1 and
Tm2) at approximately 113 and 140 ◦C. Similar thermal properties were reported by Zhou et al. [63]
for P(3HB-co-3HHx) with 11 mol % content of 3HHx, who also observed a double-melting peak
phenomenon in the DSC heating curves of this copolyester. The presence of two melting peaks have
been previously ascribed to the melting–recrystallization–melting process of P(3HB-co-3HHx) [64].
During this process, imperfect crystals melt at lower temperatures and the amorphous regions order
into packed spherulites with thicker lamellar thicknesses that, thereafter, melt at higher temperatures.
Alternatively, the melting peaks attained at low temperatures, that is, 110–115 ◦C, could also relate to
the crystalline phase of the 3HHx-rich fractions. Lastly, one could observe that the melting profile of
P(3HB-co-3HHx) was nearly unaffected by the nHA presence, indicating that the nanoparticles did not
significantly influence the crystallization process.
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Figure 3. Differential scanning calorimetry (DSC) thermograms taken during second heating of the
injection-molded poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite
nanoparticle (nHA) parts.

Table 5. Thermal properties of the injection-molded poly(3-hydroxybutyrate-co-3-hydroxyhexanoate)
[P(3HB-co-3HHx)]/hydroxyapatite nanoparticle (nHA) parts in terms of glass transition temperature
(Tg), cold crystallization temperature (Tcc), melting temperatures (Tm1 and Tm2), cold crystallization
enthalpy (ΔHcc), melting enthalpy (ΔHm), and maximum degree of crystallinity (χc max).

Part Tg (◦C) Tcc (◦C) Tm1 (◦C) Tm2 (◦C) ΔHcc (J/g) ΔHm (J/g) Xc max (%)

P(3HB-co-3HHx) −0.3 ± 0.1 49.8 ± 0.5 112.9 ± 0.5 139.7 ± 0.3 20.7 ± 0.5 31.2 ± 0.4 21.4 ± 1.8
P(3HB-co-3HHx) + 2.5 nHA −0.2 ± 0.1 52.1 ± 0.4 113.6 ± 0.3 140.9 ± 0.4 29.8 ± 0.4 * 35.0 ± 0.5 * 24.3 ± 2.4 *
P(3HB-co-3HHx) + 5 nHA −0.4 ± 0.2 54.1 ± 0.2 113.8 ± 0.4 139.4 ± 0.2 31.8 ± 0.6 * 40.1 ± 0.3 * 28.9 ± 2.2 *

P(3HB-co-3HHx) + 10 nHA −0.4 ± 0.2 57.4 ± 0.3 * 114.3 ± 0.2 139.0 ± 0.3 29.0 ± 0.5 * 32.5 ± 0.4 * 24.7 ± 1.5 *
P(3HB-co-3HHx) + 20 nHA −0.3 ± 0.1 55.9 ± 0.4 * 113.4 ± 0.5 139.1 ± 0.4 25.9 ± 0.4 * 29.0 ± 0.1 * 24.8 ± 1.4

* Indicates a significant difference compared with the previous sample (p < 0.05). Level of significance (p) values are
included in Table S2.

In addition to the characteristic values of Tg, Tcc, and Tm, the enthalpies corresponding to the cold
crystallization (ΔHcc) and melting (ΔHm) enthalpies were collected from the DSC curves. The latter
parameter was used to determine the maximum degree of crystallinity, that is, XC_max, which gives
more information about the effect of the additives on the biopolymer, since it does not consider the
crystals formed during cold crystallization. It can be seen that P(3HB-co-3HHx) showed a maximum
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degree of crystallinity of 21.4%. One can also observe that crystallinity varied significantly with nHA
content. In particular, as nHA was gradually incorporated in higher percentages, the crystallinity
increased steadily up to a maximum of nearly 29% at 5 wt % of nHA and then it slightly decreased to
values close to 25% for nHA contents of 10 and 20 wt %. This result, in combination with the slightly
higher Tcc and Tm values, suggests that the nanoparticles hindered the formation of crystals at low
temperatures, but the crystals formed were slightly more perfect and more mass crystallized. This is in
agreement with previous studies that concluded that the introduction of nHA into biopolyesters has
an effect on the ordering of their molecular chains by acting as a nucleating agent [61,65].

Figure 4 presents the thermogravimetric data for all the materials, while Table 6 gathers the main
thermal stability parameters obtained from the TGA curves. Thermal degradation of P(3HB-co-3HHx)
was observed to occur through a one-step process, which is in agreement with the values reported
by Li et al. [20], who showed that the thermal stability of the microbial copolyester was as high as
225 ◦C with almost no mass loss. The temperature at 5% mass loss (T5%) showed no significant
differences with nHA contents of up to 5 wt %, but a significant decrease was observed for higher
loadings. The temperature at which the maximum mass loss rate occurred (Tdeg) increased from
296.7 ◦C, for the neat P(3HB-co-3HHx) part, to 300.9 ◦C, for the part of P(3HB-co-3HHx) filled with
2.5 %wt of nHA. This increase in thermal stability has been previously ascribed to the formation of
strong hydrogen interactions and Van der Walls forces between the inorganic nanoparticles and the
biopolymer chains during the melt-mixing process [66]. The values of Tdeg remained nearly constant,
showing no significant differences for nHA contents from 2.5 to 10 wt %, but it significantly decreased
to 295.6 ◦C in the part filled with 20 wt % of nHA. The onset of degradation was also reduced for the
most filled sample, showing a T5% value of 254.8 ◦C, which represents a reduction of approximately
18 ◦C in comparison to the unfilled P(3HB-co-3HHx) sample and its nanocomposites at low contents.
These results further indicate that the nanoparticles formed aggregates at high contents, which created
volumetric gradients of concentration [66]. In this regard, Bikiaris et al. [65] suggested that when
high amounts of nanosized filler aggregates are formed, the structure shifts from nanocomposite to
microcomposite and, thus, the shielding effect of the nanosized particles is lessened. In addition,
Chen et al. [67] reported that high loadings of nHA in PHBV lower the onset degradation temperature
since they can catalyze thermal decomposition. In any case, low nHA loadings (<10 wt %) slightly
improved the thermal stability of P(3HB-co-3HHx) parts and their thermal stability is considered to
be high enough for bone tissue engineering and biomedical applications, which can require thermal
sterilization methods such as dry heat sterilization (160 ◦C for 2 h) and steam sterilization (121 ◦C
for 20–60 min) [68]. However, the relatively low Tm of P(3HB-co-3HHx) would limit the use of these
techniques for sterilization and the resultant implantable biomedical devices should be sterilized at
low temperatures using ethylene oxide (EO) gas, gamma radiation or ozone. Finally, it can be observed
that the residual mass at 700 ◦C increased gradually with the nHA content due to the high thermal
stability of the mineral nanoparticles.

Table 6. Main thermal degradation parameters of the injection-molded poly(3-hydroxybutyrate-
co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite nanoparticle (nHA) parts in terms of onset
temperature of degradation (T5%), degradation temperature (Tdeg), and residual mass at 700 ◦C.

Part T5% (◦C) Tdeg (◦C) Residual Mass (%)

P(3HB-co-3HHx) 272.5 ± 2.3 296.7 ± 1.4 2.6 ± 0.3
P(3HB-co-3HHx) + 2.5 nHA 272.2 ± 1.7 300.9 ± 2.2 5.1 ± 0.5 *
P(3HB-co-3HHx) + 5 nHA 272.4 ± 1.3 299.9 ± 1.7 7.6 ± 0.4 *

P(3HB-co-3HHx) + 10 nHA 262.3 ± 1.8 * 299.6 ± 1.8 12.2 ± 0.7 *
P(3HB-co-3HHx) + 20 nHA 254.8 ± 1.3 * 295.6 ± 1.6 * 22.1 ± 0.8 *

* Indicates a significant difference compared with the previous sample (p < 0.05). Level of significance (p) values are
included in Table S3.
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Figure 4. (a) Thermogravimetric analysis (TGA) and (b) first derivate thermogravimetric (DTG)
curves of the injection-molded poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/
hydroxyapatite nanoparticle (nHA) parts.
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3.3. Thermomechanical Characterization of the P(3HB-co-3HHx)/nHA Parts

DMTA was carried out on the injection-molded composite parts in order to understand the role
played by nHA on the viscoelastic behavior of P(3HB-co-3HHx)/nHA. Figure 5 illustrates the DMTA
curves of the neat P(3HB-co-3HHx) part and the P(3HB-co-3HHx)/nHA composite parts with different
nanoparticle contents. Figure 5a gathers the evolution of the storage moduli (E’) in the temperature
sweep from −40 to 80 ◦C at a frequency of 1 Hz. The Tg values and the corresponding values of E’ at
−40, 37, and 70 ◦C are presented in Table 7, since the first and last temperatures are representative of
the stored elastic energy of the amorphous phase of P(3HB-co-3HHx) in its glassy and rubber states,
respectively, whereas the middle one corresponds to the actual temperature of the human body. It can
be observed that all the P(3HB-co-3HHx)-based parts presented a similar thermomechanical profile.
In particular, the samples showed high E’ values, that is, high stiffness, at temperatures below 0 ◦C and
then E’ sharply decreased. This thermomechanical change was produced because the temperature
exceeded the alpha (α)-relaxation of the biopolymer, which is related to its Tg. One can also observe that
the rate of decrease of E’ reduced somewhat when the temperature reached approximately 40 ◦C due to
the occurrence of cold crystallization. The values of E’ at −40, 37, and 70 ◦C of the neat P(3HB-co-3HHx)
part were 1909.9, 519.2, and 210.5 MPa, respectively. The E’ value attained at 37 ◦C was in accordance
with the mechanical data presented in Section 3.1, which indicated that only the P(3HB-co-3HHx)
parts filled with the highest nHA contents, that is, 15 and 20 wt %, showed significantly higher values.
However, the results also indicated that the parts crystallized during the ageing process since the
thermomechanical changes during and after cold crystallization were relatively low. As expected,
the E’ values progressively increased with increasing the nHA content, given the high stiffness of the
nanoparticles. It is worth noting that the reinforcing effect was more noticeable at higher temperatures
since the amorphous phase of P(3HB-co-3HHx) was in the rubber state. Indeed, at higher temperatures,
the thermomechanical response of all the P(3HB-co-3HHx) composite parts was significantly different,
dependent upon the nHA content. For instance, at −40 ◦C the E’ value increased from 1935.2 MPa for
the nanocomposite part containing 2.5 wt % of nHA, to 2100.4 MPa for the part filled with 20 wt % of
nHA, whereas these values increased from 212.3 MPa to 333.1 MPa at 70 ◦C.

The loss tangent or dynamic damping factor (tan δ) curves are shown in Figure 5b. Since the
position of the tan δ peak gives an indication of the biopolymer’s Tg, these values were also included
in Table 7. In the case of the neat P(3HB-co-3HHx) part, the tan δ peak was located at 10.7 ◦C, which is
similar to that reported by Valentini et al. [69]. It is worth mentioning that, in all cases, the tan δ
peaks were approximately 10 ◦C higher than the Tg values. Since tan δ represents the ratio of the
viscous to the elastic response of a viscoelastic material, this indicates that part of the applied load
was dissipated by energy dissipation mechanisms such as segmental motions, which are related to Tg,
but part of the energy was also stored and released upon removal of the load at higher temperatures.
One can observe that the incorporation of nHA shifted slightly the position of the tan δ peaks and
also reduced their intensity for the highest nHA loadings, that is, 10 and 20 wt %. Decreasing tan δ
peaks intensity indicated that the nanocomposite parts showed a more elastic response and, hence,
presented more potential to store the applied load rather than dissipating it [70]. This reduction is
directly related to the higher E’ values attained due to nanoparticle reinforcement and it confirmed
that nHA imposed restrictions on the molecular motion of the P(3HB-co-3HHx) chains, resulting in a
material with more elastic behavior [71]. It also correlated well with the DSC results shown above,
indicating that P(3HB-co-3HHx) developed more crystallinity in the nanocomposite parts due to the
nucleating effect of nHA and, thus, the less amorphous phase underwent glass transition.
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Figure 5. Evolution as a function of temperature of the (a) storage modulus and (b) dynamic damping
factor (tan δ) of the injection-molded hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/
hydroxyapatite nanoparticles (nHA) parts.
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Table 7. Thermomechanical properties of the injection-molded poly(3-hydroxybutyrate-co
-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite nanoparticles (nHA) parts in terms of dynamic
damping factor (tan δ) peak, glass transition temperature (Tg), storage modulus (E’) measured at −40,
37, and 70 ◦C, and coefficient of linear thermal expansion (CLTE) below and above Tg.

Part

DMTA TMA

tan δ
Peak (◦C)

E’ at
−40 ◦C (MPa)

E’ at
37 ◦C (MPa)

E’ at
70 ◦C (MPa)

Tg (◦C)
CLTE (μ/m·◦C)

Below Tg Above Tg

P(3HB-co-3HHx) 10.7 ± 0.4 1909.9 ± 50.2 519.2 ± 14.2 210.5 ± 2.5 −0.6 ± 0.2 64.3 ± 1.1 177.2 ± 4.6

P(3HB-co-3HHx) + 2.5 nHA 10.9 ± 0.2 1935.2 ± 41.7 * 544.1 ± 26.3 * 212.3 ± 3.1 −0.3 ± 0.2 61.3 ± 0.4 * 176.1 ± 7.2 *

P(3HB-co-3HHx) + 5 nHA 11.2 ± 0.3 1940.1 ± 82.5 * 557.8 ± 17.1 * 222.5 ± 4.6 * −0.1 ± 0.1 59.3 ± 0.5 175.0 ± 0.8

P(3HB-co-3HHx) + 10 nHA 11.4 ± 0.5 2090.3 ± 74.6 * 639.0 ± 18.1 * 256.8 ± 5.1 * −0.4 ± 0.2 58.2 ± 0.4 170.2 ± 3.8 *

P(3HB-co-3HHx) + 20 nHA 14.5 ± 0.4 * 2100.4 ± 65.1 * 728.8 ± 26.6 * 333.1 ± 3.4 * −0.3 ± 0.2 56.7 ± 0.7 159.1 ± 5.7 *

* Indicates a significant difference compared with the previous sample (p < 0.05). Level of significance (p) values are
included in Table S4.

The effect of temperature on the dimensional stability of the P(3HB-co-3HHx)/nHA parts was also
determined by TMA. The coefficient of linear thermal expansion (CLTE), both below and above Tg,
was obtained from the change in dimensions versus temperature and it is also included in Table 7 along
with the Tg values. In all cases, lower CLTE values were attained in the parts below Tg, due to the lower
mobility of the P(3HB-co-3HHx) chains of the amorphous regions in the glassy state. As anticipated,
both below and above Tg, the CLTE values decreased significantly with increasing nHA content due to
the increasing replacement of the soft biopolymer matrix by a ceramic material with a considerably
lower CLTE value, that is, 13.6 μm/m·◦C [72]. As a result, the CLTE value below Tg was reduced from
64.3 μm/m·◦C for the neat P(3HB-co-3HHx) part, to 56.7 μm/m·◦C for the nanocomposite part filled
with 20 wt % of nHA. Similarly, above Tg, it decreased from 177.2 to 159.1 μm/m·◦C, respectively.
This thermomechanical response was slightly better than that of the PLA/nHA composites, in which
the CLTE values below Tg decreased from 73 to 71 μm/m·◦C after the incorporation of 20 wt % of nHA
into PLA μm/m·◦C [73]. These results point out that the nanocomposite parts prepared herein show
excellent dimensional stability against temperature exposition. However, it is also worth mentioning
that, as expected, the CLTE of Ti-based materials was significantly lower, having a mean value of
8.7 μm/m· ◦C [72].

3.4. Morphological Characterization of the P(3HB-co-3HHx)/nHA Parts

Figure 6 shows the samples before and after the various processing steps. Combining melt
compounding and injection molding represents a cost-competitive melt-processing methodology to
produce a large number of parts using nanocomposites. According to this route, the P(3HB-co-3HHx)
pellets and the nHA powder were pre-mixed and fed together to the co-rotating twin-screw extruder.
In this way, pellets of nanocomposites containing different contents of dispersed nHA particles were
obtained. They were subsequently injection molded into dumbbell bars. All parts were defect-free and
had a bright surface, the nHA content influencing their color; neat P(3HB-co-3HHx) parts were yellow
pale, typical of microbial PHA, while the presence of nanoparticles induced a whiter color.

Figure 6. Processing steps carried out to prepare the poly(3-hydroxybutyrate-co-3-hydroxyhexanoate)
[P(3HB-co-3HHx)]/hydroxyapatite nanoparticle (nHA) parts; from left to right: as-received
P(3HB-co-3HHx) pellets and nHA powder, compounded pellets of the nanocomposite,
injection-molded parts.
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Figure 7 shows the FESEM image, taken at 10,000×, of the nHA powder. The nanoparticles show a
flake-like morphology based on plates with sizes 60–120 nm and mean cross-sections of approximately
30 nm. This particular morphology of nHA has been reported to occur at pH values below 9, due to
the solution environment changes by the OH− ions during synthesis using polyethylene glycol (PEG)
as a template [74].

 

Figure 7. Field-emission scanning electron microscopy (FESEM) images of the hydroxyapatite
nanoparticles (nHA) powder. Image was taken at 10,000×with scale marker 150 nm.

Micrographs obtained by FESEM of the fracture surfaces of the injection-molded parts of
P(3HB-co-3HHx) and the various P(3HB-co-3HHx)/nHA composites after the Charpy impact tests
are gathered in Figure 8. The fracture surface of the neat P(3HB-co-3HHx) part, shown in Figure 8a,
indicated that the material presented a relatively high toughness, since it yielded a rough surface
with the presence of multiple microcracks and some holes. Some microparticles could be seen in
the inset FESEM micrograph taken at higher magnification, which could be related to the presence
of nucleating agents and/or fillers added by the manufacturer, such as boron nitride (BN). In this
regard, Türkez, et al. [75] have recently demonstrated that BN nanoparticles show slight cytotoxicity
potential. In particular, contents below 100 mg/L did not lead to lethal response on human primary
alveolar epithelial cells (HPAEpiC), suggesting their safe and effective use in both pharmacological and
medical applications. Figure 8b–e gather the fracture surfaces of the P(3HB-co-3HHx)/nHA composite
parts. The morphological characteristics of the fracture surfaces for the nanocomposites filled with low
nHA contents, that is, 2.5 and 5 wt %, remained very similar to that of neat P(3HB-co-3HHx)/nHA.
In all cases, the nanoparticles were relatively well dispersed and distributed within the biopolymer
matrix. However, at higher contents, the nanoparticles tended to form some microaggreagates and the
resultant fracture surfaces were smoother, indicating that the nanocomposites were more brittle.

Due to the low nHA particle size and the presence of BN and/or additives in the P(3HB-co-3HHx)
matrix, selective separation was carried out on the fracture surfaces of the nanocomposite parts, in order
to better evaluate the dispersion of the nanoparticles. Figure 9 presents the FESEM images of the
fracture surfaces subjected to treatment with 6 M HCl for 12 h. The voids and holes formed in the
surfaces were related to removed/dissolved nHA and the overall void size and distribution gave an
indication of the original particle dispersion. The micrographs revealed that some microholes were
produced after the selective attack on the P(3HB-co-3HHx) parts filled with 10 and 20 wt % of nHA,
which should correspond to nHA aggregates, whereas the nanocomposites containing low nanoparticle
loadings showed nano-sized holes well distributed along the biopolymer matrix, which suggested an
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efficient dispersion. Agglomeration was particularly noticeable for the nanocomposite part containing
20 wt % of nHA, thus indicating that the presence of aggregates could induce particle debonding during
fracture, as a result of the dissimilar mechanical strength and rigidity of the ceramic nanoparticles
and biopolymer matrix. Therefore, the present results correlate well with the mechanical and thermal
properties described above, in which nHA loadings of up to 10 wt % increased the mechanical and
thermal performance of the P(3HB-co-3HHx) parts, whereas the highest nHA content impaired the
overall properties due to nanoparticle aggregation.

 

Figure 8. Field-emission scanning electron microscopy (FESEM) images of the fracture surfaces of the
injection-molded poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite
nanoparticle (nHA) parts of: (a) neat P(3HB-co-3HHx); (b) P(3HB-co-3HHx) + 2.5 nHA;
(c) P(3HB-co-3HHx) + 5 nHA; (d) P(3HB-co-3HHx) + 10 nHA; (e) P(3HB-co-3HHx) + 20 nHA. Images
were taken at 500× and with scale markers of 10 μm. Inset image showing the detail of the microparticles
was taken at 2500×with scale marker of 2 μm.
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Figure 9. Field-emission scanning electron microscopy (FESEM) images of the fracture surfaces of the
injection-molded poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) [P(3HB-co-3HHx)]/hydroxyapatite
nanoparticles (nHA) parts after selective attack with 6M hydrochloric acid (HCl) for 12 h:
(a) P(3HB-co-3HHx) + 2.5 nHA; (b) P(3HB-co-3HHx) + 5 nHA; (c) P(3HB-co-3HHx) + 10 nHA;
(d) P(3HB-co-3HHx) + 20 nHA. Images were taken at 1000×with scale marker of 5 μm.

4. Conclusions

One of the most exciting areas of new material development in the biomedical device community is
resorbable polymers. As bone scaffolds, biodegradable and biocompatible polymers will maintain their
strength until the liquid in contact begins the dissolution process, eventually leading to their complete
elimination from the body, thus avoiding a second surgery for their removal. The herein-prepared
injection-molded composite parts of P(3HB-co-3HHx)/nHA showed a better matching of mechanical
and thermomechanical performance than metal alloys to replace natural bone. While natural bone has
a modulus ranging from about 8–25 GPa, the herein-prepared injection-molded parts showed Et values
from approximately 1 up to 1.7 GPa and εb values ranging from 6.5 to 19.4%. The incorporation of up
to 10 wt % of nHA also improved slightly the thermal stability of the P(3HB-co-3HHx) parts and their
thermal stability was considered to be high enough for bone tissue engineering, taking into account that
nonthermal sterilization methods would be required. These balanced properties in terms of strength
and ductility offer the biomedical industry a material that can accomplish different applications in
bone reconstruction, for which high-stress materials are not needed, such as bone screws and small
orthopedic plates or rods. Future works will explore the potential use of the P(3HB-co-3HHx)/nHA
composites as drug delivery systems.
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Abstract: We aimed to study the distribution of hydroxyapatite (HA) and halloysite nanotubes (HNTs)
as fillers and their influence on the hydrophobic character of conventional polymers used in the
biomedical field. The hydrophobic polyester poly (ε-caprolactone) (PCL) was blended with its more
hydrophilic counterpart poly (lactic acid) (PLA) and the hydrophilic acrylate poly (2-hydroxyethyl
methacrylate) (PHEMA) was analogously compared to poly (ethyl methacrylate) (PEMA) and its
copolymer. The addition of HA and HNTs clearly improve surface wettability in neat samples (PCL
and PHEMA), but not that of the corresponding binary blends. Energy-dispersive X-ray spectroscopy
mapping analyses show a homogenous distribution of HA with appropriate Ca/P ratios between
1.3 and 2, even on samples that were incubated for seven days in simulated body fluid, with the
exception of PHEMA, which is excessively hydrophilic to promote the deposition of salts on its
surface. HNTs promote large aggregates on more hydrophilic polymers. The degradation process
of the biodegradable polyester PCL blended with PLA, and the addition of HA and HNTs, provide
hydrophilic units and decrease the overall crystallinity of PCL. Consequently, after 12 weeks of
incubation in phosphate buffered saline the mass loss increases up to 48% and mechanical properties
decrease above 60% compared with the PCL/PLA blend.

Keywords: biomedical polymers; hydroxyapatite; halloysite; mechanical properties

1. Introduction

Tissue engineering has been exploring new methods to replace missing human tissues through
biomaterials-based scaffolds, usually engineered to drive cell growth and provide shape to the creation
of the new tissue. However, we should consider alternatives when selecting materials for bone fracture
remodeling since conventional materials used for these applications include metallic prosthesis,
bone grafts, or polymers. Currently, biopolymers are being intensively studied to replace both metal
prostheses and autologous bone grafts because metal prostheses induce poor bone regeneration with
formation of fragile porous bone [1] and, although autologous bone grafts induce the growth of
strong bone, donor bone is needed, requiring additional chirurgical interventions, eventually causing
infections [2]. Thus, polymers having easy processability to obtain desired geometries and special
functionalities to accelerate bone growth will be the best option to treat bone fracture remodeling.
Accordingly, biopolymers used as scaffolds for tissue engineering applications need to overcome
two significant challenges. First, the biodegradation process should be controlled with non-toxic
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degradation by-products eliminated through natural pathways. Secondly, the material should maintain
its structural and mechanical properties to avoid malformation of the new regenerated bone while
healing [3].

Among all the biopolymers used for tissue engineering, bioabsorbable aliphatic polyesters are the
dominant scaffolding materials because of their biodegradability properties. Biodegradable aliphatic
polyesters, containing the ester functional group in their main chain, undergo hydrolytic cleavage
generating oligomers, which will be subsequently assimilated into the surrounding environment.
Poly (ε-caprolactone) (PCL), poly (lactic acid) (PLA) and poly (hydroxybutyrate) (PHB), approved by
the U.S. Food and Drug Administration, are the most studied polyesters due to their easy processability
and their tunability regarding crystallinity, thermal transition and mechanical strength properties [4,5].
The degradation rate and mechanical properties of biopolymers will be affected by the hydrophobicity,
crystallinity and acidity of the selected polymer.

The hydrophobic biopolymer PCL is extensively used in drug delivery devices showing excellent
biological activity. Accordingly, studies focused on its use as a scaffold and internal fixation system,
although its low mechanical properties cannot meet the structural requirements of the host tissue.
Consequently, an appropriate addition of fillers or blends could provide an adequate mechanical
stiffness to resist in vivo stresses, preventing new tissue deformation [6–8]. As examples, Lowry et al. [9]
tested PCL composites as internal fixation devices, observing a higher strength when using a PCL/bone
complex compared with bony humerus healed with a stainless-steel implant. These observations are
in concordance with the studies developed in the last decade by Rudd and co-workers [10–14].

Introduction of specific bioceramics can also confer new functions, such as higher biological activity.
Thereupon, hydroxyapatite (HA) is broadly use as an inexpensive filler in tissue engineering [15–17]
because of its osteoconductive properties, low inflammatory response and low toxicity in humans [18,19],
based on the mineral phase of the human bone being mainly composed (around 60 wt %) of HA [20].
Therefore, introduction of HA into a polymer induces the formation of an apatite layer with similar
characteristics to those of the bone mineral phase [21], inasmuch as HA improves cell attachment [22,23],
inducing the differentiation of mesenchymal cells into osteoblasts, which accelerates bone formation [8].
Different authors observed both mechanical and biological improvement of biopolymer matrices with
the addition of HA [24,25].

The PCL low stiffness can also be attributed to using halloysite nanotubes (HNTs) [26,27] which
are an inexpensive biocompatible clay extensively used in biomedicine for drug delivery due to their
tubular shape. HNTs also support cell adhesion, ascribed to HNTs surface nano-roughness, which acts
as an anchor frame [28], and the interaction between silanol groups present on the HNTs surface [29]
with hydroxyl and amino groups present on proteins.

In a previous study [30], mechanical and thermal properties of PCL were studied by modifying
the additive percentage of the bioactive fillers HA and HNTs. Accordingly, the additive threshold was
stablished in 7.5 wt % of HNTs and 20 wt % of HA achieving a noticeable improvement in mechanical
properties with the simultaneous addition of the two fillers. As a result, the flexural modulus improved
up to 112.3% reaching values of 886.8 MPa (standard deviation = 42.1), and Young’s modulus increased
to 109.3% with its greatest value at 449.6 MPa (standard deviation = 17.12). Knowing that HA promotes
the formation of a layer of new bone, and that HA and HNTs alter hydrophobicity behavior, in a second
study, [23], biological properties such as cell viability, proliferation and morphology supplied by both
fillers were studied and compared on different pairs of polymers with similar chemical nature but
different hydrophobicity. Accordingly, the hydrophobic polyester PCL was modified when it blended
with poly (lactic acid (PLA) and combined with HA nanoparticles and HNTs. However, the hydrophilic
poly (2-hydroxyethyl methacrylate) (PHEMA) was copolymerized as monomer with ethyl methacrylate
(EMA) and also combined with HA and HNTs. These polymers, although dissimilar to PCL and
PLA in terms of chemical nature and biodegradability, were chosen for comparison purposes because
they are used for hard tissue applications. Initially, the in vitro biological development of polymers
with different hydrophobicity showed that cells preferably proliferate on moderately hydrophobic

68



Polymers 2020, 12, 1703

surfaces (PCL/PLA). However, over longer culture periods, cell proliferation increased on more
hydrophilic materials (P(HEMA-co-EMA)). Inorganic nanoparticles (HA and HNTs) improve cell
viability and proliferation compared to the raw materials. We assumed that reduced cell spreading
on hydrophobic surfaces at long culture times might occur as a consequence of two effects: protein
absorption competition and the steric hindrance effect (solvation).

We acknowledge that the contributions of the previous studies [23,30] need to be accomplished by
monitoring the degradation rate of biodegradable polyesters modified with HA and HNT. Biomedical
polymers, after implantation, undergo significant changes regarding mechanical properties influenced
by their degradation process. Considering that 75% of the human body is composed of water,
hydrolytic degradation of aliphatic polyesters is an interesting feature for tissue engineering materials.
Bone remodeling implies time-limited applications, which requires the elimination or degradation of
the biopolymer after use to restore the surrounding living medium.

For all the above-mentioned reasons, we studied the bioactivity of polyester (PCL, PCL/PLA and
PLA) and acrylates (PHEMA, P(HEMA-co-EMA) sets and their HA- and HNT-based nanocomposites,
as well as the degradability of the polyester-based set. To determine the correct distribution of the
fillers, a study was conducted using SEM-EDS and an evaluation of their wettability by measuring
the contact angle. Finally, to demonstrate if the loads introduced in the nanocomposites diffuse to
the environment, we evaluated the mechanical properties of the nanocomposites using tensile and
flexion tests.

2. Experimental

2.1. Materials

Poly (ε-caprolactone (PCL), with trade name CAPA 6500, was provided by Solvay Interox (Solvay
Interox, Warrington, UK). CAPA 6500 is a high-molecular-weight thermoplastic linear polyester
derived from its own lactone monomer. PLA Ingeo™ biopolymer 6201D is a thermoplastic available
in pellet form with a glass transition temperature of 55–60 ◦C and a melting point of 155–170 ◦C.
NatureWorks LLC (Nature Works LLC, Minnetonka, MN, USA). Hydroxyapatite (HA) with chemical
formula (HCa5O13P3), halloysite nanotubes (HNTs) (Al2Si2O5 (OH)4 2H2O), ethyl methacrylate (EMA)
with 99% purity, and hydroxyl-2-ethyl methacrylate (HEMA), with a minimum of purity of 96%,
were supplied by Sigma-Aldrich (Madrid, Spain). Benzoin and ethylene glycol dimethacrylate
98% (EGDMA) were used as ultraviolet initiator and crosslinking agent during the preparation of
HEMA/EMA compounds. Both were also supplied by Sigma Aldrich.

2.2. Preparation of the Polymer-Based Hybrids

The first set of materials based on PCL and PLA were received in pellet form and dried prior to their
preparation in an air oven at 50 and 60 ◦C, respectively, to remove humidity. In parallel, HA and HNTs
were dried separately in a vacuum oven for 48 h at 200 and 80 ◦C. The proportions detailed in Table 1
were weighed and pre-mixed in a zipper bag. By a twin screw co-rotating extruder with different
temperature profiles, the mixtures were mechanically homogenized. Specifically, for PCL-based
compounds, the temperature profile was 65/75/85/90 ◦C, and for PLA based-compounds, we used
temperatures of 170/173/17/180 ◦C. After the extrusion process, the samples were cooled to room
temperature and pelletized. Again, prior to the injection process, the different compounds were
dried under the same conditions as mentioned above. The injection was carried out in a Meteor
270/75 injection molding machine (Mateu and Solé, Barcelona, Spain) using as temperature profiles
of the extruder: 80/80/85/85/90 ◦C for PCL compounds and 170/173/175/180 ◦C for PLA compounds.
Next, 13 mm diameter samples were punched out.
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Table 1. Composition and coding of PCL, PCL/PLA, PHEMA, and P(HEMA-co-EMA) composites.

Code
Composition (wt %)

PCL PLA HA HNTs

PCL 100 - - -
PCL_20HA 80 - 20 -

PCL_20HA_7.5HNTs 72.5 - 20 7.5
PCL/PLA 50 50 - -

PCL/PLA_20HA 40 40 20 -
PCL/PLA_20HA_7.5HNTs 36.25 36.25 20 7.5

Code
Composition (wt %)

HEMA EMA HA HNTs

PHEMA 100 - - -
PHEMA_20HA 80 - 20 -

PHEMA_20HA_7.5HNTs 72.5 - 20 7.5
P(HEMA-co-EMA) 50 50 - -

P(HEMA-co-EMA)_20HA 40 40 20 -
P(HEMA-co-EMA)_20HA_7.5HNTs 36.25 36.25 20 7.5

The second set of compounds, based on ethyl methacrylate (EMA) and hydroxyl-2-ethyl
methacrylate (HEMA), was obtained by simultaneous polymerization of the monomers, as summarized
in Table 1. Using a 1:1 monomer ratio between HEMA and EMA to obtain the copolymer, the mixtures
were stirred with 1 wt % benzoin and 0.5 wt % EGDMA. The corresponding ratios of HA and HNTs
were added and stirred for 15 min. Each mixture was injected into a glass template for polymerization
in an ultraviolet oven for 24 h and subsequently a 24 h post-polymerization process in an oven at 90 ◦C
was required. The samples were immersed in boiling ethanol and cut into 13 mm diameter samples.

2.3. Contact Angle Measurements

The water contact angles (WCAs) of the nanocomposites were measured on the surface of the
dry samples in the sessile drop mode. An Easy Drop Standard goniometer model FM140 (110/220 V,
50/60 Hz) supplied by Krüss GmbH (Hamburg, Germany) was used for this purpose. To determine the
water contact angle, we used the Drop Shape Analysis SW21 (DSA1) software. A minimum of five
replicates of each sample were analyzed, yielding a standard deviation of less than 5%.

2.4. Mechanical Properties

Tensile properties of PCL/PLA blends loaded with HA and HNTs were obtained using a universal
test machine (Ibertest ELIB 30, SAE Ibertest, Madrid, Spain) according to ISO 527. Assays were carried
out with a 5 kN load cell and a crosshead speed of 10 mm·min−1. Moreover, to determine the Young’s
modulus more accurately, an axial extensometer IB/MFQ-R2 from Ibertest (Madrid, Spain) coupled
to the universal test machine was used. The Young’s modulus was calculated in each case from the
stress–strain initial slope and averaged from five replicates.

2.5. Hydroxyapatite Nucleation

Hydroxyapatite nucleation was followed on three replicates per sample and time point.
First, a simulated body fluid (SBF) solution with an ion concentration close to that of human blood
plasma was prepared by the method proposed by Kokubo and coworkers [31,32]. To obtain the SBF,
we prepared two solutions. Solution 1 consisted of 1.599 g of NaCl (Scharlau, 99% pure), 0.045 g of
KCl (Scharlau 99% pure, Barcelona, Spain), 0.110 g of CaCl2·6H2O (Fluka 99% pure, Madrid, Spain)
and 0.061 g of MgCl2·6H2O (Fluka) in deionized ultrapure water (Scharlau) up to 100 mL. Solution 2
was prepared by dissolving 0.032 g of Na2SO4·10H2O (Fluka), 0.071 g of NaHCO3 (Fluka) and 0.046 g
of K2HPO4·3H2O (Aldrich, 99% pure) in water up to 100 mL. Both solutions were buffered at pH 7.4 by
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adding the necessary amounts of aqueous 1 Mtris-hydroxymethyl aminomethane, (CH2OH)3CNH2

(Aldrich), and 1 M hydrochloric acid (HCl, Aldrich, 37% pure). Next, both solutions were mixed to
obtain SBF with the following molar ion concentrations: 142 Na+, 5.0 K+, 1.5 Mg2+, 2.5 Ca2+, 148.8 Cl−,
4.2 HCO3

−, 1.0 HPO4
2− and 0.5 SO4

2− mM. Samples were immersed in individual vials containing
10 mL of SBF solution with hydrazine (NaH2) to prevent bacterial proliferation. The vials were placed
in an incubator at 37 ◦C and 5% CO2. A set of samples were withdrawn after 7 and 14 days.

2.6. Cell Seeding

NIH 3T3 fibroblast cells were expanded in the presence of 4.5 g L−1 glucose supplemented with
10% fetal bovine serum (Thermo Fisher, Gibco, Waltham, MS, USA) and 1% penicillin/streptomycin
(P/S; Thermo Fisher, Gibco) in Dulbecco’s modified Eagle medium (DMEM; Thermo Fisher, Gibco)
at 37 ◦C in a 5% CO2 incubator until confluence. After reaching confluence (3 days), cells were
withdrawn from the culture flask. To proceed, 5 mL of versene solution (0.48 mM) formulated in
0.2 g ethyldiaminotetraacetic acid (EDTA) per liter of phosphate buffered saline (PBS) supplied by
ThermoFisher (Gibco), were added for 5 min at 37 ◦C, and then removed. After, to neutralize the
versene solution, 10 mL of DMEM was added, and the suspensions were centrifugated at 1000 rpm for
5 min. Then, the cells were resuspended in 1 mL medium, counted, diluted and seeded on the samples
at a density of 2 × 104 cells cm−2.

2.7. Morphological Analysis

A ZEISS FESEM ULTRATM 55 scanning electron microscopy (SEM) device was used to analyze
the morphology of the HA coatings and the NIH 3T3 fibroblast cells and their layout on the surfaces.
The morphology of the HA coatings was studied by SEM and energy-dispersive X-ray spectroscopy
(EDS) images obtained to validate the formation of a hydroxyapatite layer and the Ca/P ratio. To this
end, the samples were sputter-coated with carbon under vacuum through a BALL-TEC/SCD 005 sputter
coater. The mapping spectra were taken at 15 kV of acceleration voltage and 5 mm working distance; a
secondary electron detector was used. Silicon was used as optimization standard. The mappings were
taken at a magnification of 5000×.

In the study of NIH 3T3 fibroblast cells, arrangements were analyzed after 1 and 14 days of
incubation. After each period, the culture medium was removed to rinse the samples in phosphate
buffer (PB; Affymetrix, Santa Clara, CF, USA) and samples fixed with 4% paraformaldehyde solution
during 30 h at 37 ◦C. A vacuum system was used to remove the water and to avoid any deformations
on cell morphology. For this purpose, samples were rinsed in PBS twice and carefully frozen in liquid
nitrogen and transferred to a freezer-dryer for drying.

2.8. Degradation of PCL and PCL/PLA Based Hybrids

Degradation of PCL and PCL/PLA loaded with HA and HNTs was followed in vitro at 37 ◦C using
PBS (0.01 M (NaCl 0.138 M; KCl 0.0027 M) with a pH 7.4, at 25 ◦C was supplied by Sigma Aldrich).
Due to the stability of thermostable compounds based on PHEMA, this study was only carried out
on compounds based on PCL. With the aim of accelerating the process, samples were previously
immersed in a 2M NaOH solution for 24 h. Three replicates of each composition were immersed in
individual tubes with 10 mL of Dulbecco’s Phosphate Buffered Saline (DPBS, Sigma Aldrich) (pH 7.4)
with screw caps and maintained at 37 ◦C in an incubator. Each sample was removed after 4, 8 and
12 weeks, rinsed thoroughly with deionized water, and dried in an oven at 35 ◦C for 12 h.

The weight loss and the mechanical integrity of the materials were evaluated. An electronic
balance with a resolution of 0.1 mg was used to determine the mass loss as follows:

% Mass loss =
Mi−M f

Mi
× 100 (1)

where Mi is the initial mass and Mf is the final mass of the dry sample.
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3. Results and Discussion

The water contact angle formed in the range of 40◦–70◦ on a polymeric surface is known to
influence cell attachment, since chemical surface interactions are a key factor during the bio-adhesion
process [33]. Polymers with contact angles in this range, with a different chemical nature, were thus
selected for this analysis, and their hydrophilicity was slightly modified by blending or copolymerizing
with others of the same family. Therefore, polymer chemical surfaces were modified by blending
hydrophilic/hydrophobic polymers and/or filling the polymer matrix with HA or HNT to analyze their
role in wettability.

From the results in Figure 1, we can discern that the most hydrophobic sample was PCL with a
contact angle of 105◦. Blending PCL with the more hydrophilic PLA, the surface wettability improved
25.3%, with a value of 83.7◦. Conversely, PHEMA was at the hydrophilic end, with a contact angle of
59.7◦, and the copolymerization with the more hydrophobic EMA decreased surface wettability up to
73.7◦. The addition of HA and HNTs clearly improved surface wettability on neat samples (PCL and
PHEMA), but this effect was scarcely observed in mixed samples (PCL/PLA and P(HEMA-co-EMA)),
considering the standard deviation. This effect could be attributed to the intermediate wettability
of these samples, with contact angles in the vicinities of 80◦, together with their heterogeneous
composition at the nanoscale.

Figure 1. Variation of contact angle in compounds based on (a) PCL/PLA and (b) PHEMA/EMA.

After determining the wettability of the samples and the influence of the addition of HA and
HNTs fillers, a SEM-EDS analysis was conducted to firstly determine if the loads were homogeneously
dispersed and, secondly, to assess the formation of a hydroxyapatite layer resulting from the incubation
in SBF at 37 ◦C. In addition, the EDS analysis (EDS spectra not shown) allowed the quantification of the
Ca/P ratio and the comparison with that of the stoichiometric HA (Ca10(PO4)6(OH)2), Ca/P = 1.67 [34].

Figure 2 shows the images obtained after 7 and 14 days in SBF on the samples based on PCL/PLA.
After seven days, the PCL-based hybrids did not efficiently induce apatite growth. Precipitation on
PCL and PCL/PLA compounds without needle conformation corresponded to the salt dissolved in SBF
medium, usually NaCl. The samples with HA filler provided nucleation sites, and the silanol groups
(Si–OH) present in HNTs provide favorable locations for apatite nucleation. We speculated that the
electrostatic interaction drives the formation of calcium silicate [35], since comparing pure polymers
(especially PCL and PCL/PLA blends) with HA- and HNTs-modified materials, the nucleation efficiency
increases with the filler. We already showed that both polar carboxyl groups and hydroxyl groups
induce apatite nucleation [36].
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Figure 2. SEM images (5000×) taken for hydroxyapatite nucleation analysis on samples based on
PCL/PLA.

However, Figure 3 summarizes SEM images of samples based on PHEMA/EMA.
The polymethacrylate-based hybrids induced efficient apatite growth, with the exception of pure
PHEMA, on which only scattered precipitated salts were observed on the surface. On the contrary,
the P(HEMA-co-EMA) surface showed plenty of precipitates forming large and clear cauliflowers
with intricate needle-shaped crystals [36]. As observed, once apatite nucleates on a location, it grows
radially outward [37], creating cauliflower or hemispherical structures combined to form a continuous
layer. Due to the weak hydrophilicity of P(HEMA-co-EMA), the biological activity is higher than
PHEMA, where the number of polar groups available for nucleation per unit volume on the surface
is greater. Therefore, the P(HEMA-co-EMA) surface adsorbs Ca2+ ions from the SBF solution more
efficiently, thereby increasing the concentration of Ca2+ ions on the surface, and also forming Ca–P
nucleation sites [38]. The first layer of apatite molecules generates the cauliflower aggregates from
the secondary nucleation, observed especially in P(HEMA-co-EMA). This process induces a spherical
growth perpendicular to the surface structure, which leads to the formation of clusters or grape-like
structures [21].

Figure 3. SEM images (5000×) taken for hydroxyapatite nucleation analysis on samples based on
PHEMA/EMA.

Figure 4 reveals the assessment of the Ca/P ratio to verify the formation of hydroxyapatite layers.
In most determinations, the Ca/P atomic ratio remained in acceptable values between 1.3 and 2,
which pointed to the formation of calcium and phosphate deposits resembling physiological apatite
structures [34]. Particularly, the highest Ca/P ratios were obtained in the PCL, PHEMA and PHEMA
20HA samples after an incubation period of seven days, all with values higher than 1.8. After 14 days
of incubation, the Ca/P ratio tended to the physiological ratio of 1.67 in most samples. However,
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PHEMA did not show calcium on the surface after 14 days of incubation. The hydrophilic character of
this polymer probably hinders the deposition of salts on its surface and their evolution toward HA.
This observation coincides with that of [36], where its closely-related poly (hydroxyethyl acrylate)
(PHEA) did not induce an efficient apatite growth, whereas its copolymer with EMA did.

Figure 4. Ca/P ratio after 7 and 14 days of incubation in SBF obtained by EDS on nanocomposites based
on: (a) PCL and PCL/PLA, (b) PHEMA and P(HEMA-co-EMA).

In the SEM morphological images (Figure 5), we see the in vitro biological development of
polymers with different hydrophobicity. At initial stages (day 1), cells preferably proliferated and
colonized moderately on the hydrophobic surface (PCL/PLA, with contact angle of 83.7◦, as summarized
in Figure 1). Thus, cells appear round, where interactions occur primarily between them or with the
extracellular matrix, thus resulting in a monolayer of cells with few bonding sites with the polymer
surface. When longer incubation periods were analyzed (14 days), cell proliferation was favored in
more hydrophilic polymers, as is the case of P(HEMA-co-EMA), with a contact angle of 73.7◦. In these
samples, cells exhibited a flatter morphology, establishing contact with the polymer surface. With the
addition of HA and HNTs inorganic fillers, in general terms, we observed an increase in proliferation
compared with the raw materials. As different authors have concluded, this improvement can be
attributed to the generation of new reactive sites with Ca2+ and PO4

3− groups present in HA that
bind with negative carboxylate and positive amino groups in proteins, respectively [39–42]. However,
due to the presence of silanol groups (Si–OH) located at the surface of HNTs, the formation of hydrogen
bonds between HNTs and proteins is allowed [29]. The results showed a greater proliferation at
initial stages on moderately hydrophobic polymers (PCL/PLA), whereas over longer culture periods,
more hydrophilic polymers P(HEMA-co-EMA) seem to improve cell proliferation, in concordance
with the results by Zhou et al. [42]. Using polyvinyl alcohol (PVA), a highly hydrophilic polymer, the
authors concluded that highly polar OH groups on neat PVA films might account for the delayed
attachment of bone cells. Thus, we can possibly assume that reduced cell spreading on hydrophobic
surfaces at long culture times might occur as a consequence of the protein absorption competition and
the steric hindrance effect (solvation).

Regarding the mechanical properties, PLA is a hard polymer with good mechanical properties,
its brittleness being its main disadvantage. However, PCL is a very soft polymer with a slow
degradation rate. After mixing PLA and PCL, the synergy results in retaining the advantages of each
polymer. Compared to pure PLA, the mixture has greater flexibility, hydrophobicity and crystallinity,
which translate into a slower degradation rate (several months to years) [43]. To study if the PCL
crosslinking factor (crystallinity) limits the mobility of the chains and, therefore, the degradation rate,
an analysis of the mass loss and mechanical properties after 4, 8 and 12-weeks of incubation in PBS
was conducted. The PCL crystallinity tends to reduce the chain mobility and thus its hydrolysis by
means of the hindered access of enzymes to the polymer matrix [23].
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Figure 5. SEM images (400×) taken for cell proliferation at 1 and 14 days on samples based on PCL/PLA
and PHEMA/EMA.

From the results shown in Figure 6, the PCL-based material did not show significant mass loss
after degradation in PBS at 37 ◦C for 12 weeks. Although the mass loss of all PCL-based samples
gradually increased, compared with samples containing inorganic fillers, the mass loss of pure PCL
increased rapidly during the 12-week degradation process. The lower mass loss was observed in
samples with HA because HA contains hydroxyl groups, which can neutralize the medium by reacting
with degraded acid by-products, thereby reducing the effect of acid catalysis on PCL hydrolysis [44].
Conversely, PCL/PLA blends showed a maximum mass loss rate of the samples when using the
two fillers, 41% after 12 weeks. Blending PCL with PLA provides hydrophilic units and reduces
the overall crystallinity of PCL, thereby improving the accessibility of water molecules and ester
bonds, and increasing the hydrolysis rate [45]. The addition of fillers provides hydrophobicity, and the
nano-roughness of the surface promotes interaction with water molecules and thus causes hydrolytic
cracking. Therefore, the evolution of mass loss is related to the mechanical properties, which were
followed through the analysis of their Young’s moduli, gathered in Figure 7.

Figure 6. Results of degradation: mass loss (%) after 4, 8 and 12 weeks for PCL-based materials.
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Figure 7. Results of Young modulus following 4, 8 and 12 weeks of degradation for
PCL/PLA-based materials.

The Young’s modulus of the PCL samples was about 275 MPa. We observed that as the incubation
time and the percentage of mass loss increased, the mechanical properties gradually decreased. The neat
PCL samples showed a sharp decrease in Young’s modulus, but those with HA retained their Young’s
modulus due to the filler reinforcement. However, the samples with HA and HNT showed a gradual
decrease in mechanical properties over time, since the additional threshold of the nanoloads could
be exceeded as the polymer degraded, and the agglomerates could act as weak points and failure
initiation points. Blending PCL with PLA resulted in the Young’s modulus increasing to 800 MPa.
In PCL/PLA blends with the presence of inorganic fillers, the faster degradation rate, associated
with more hydrophilic properties and more amorphous phases, led to a faster decline in mechanical
properties. More precisely, the PCL/PLA 20HA 7.5 HNTs blend provided a Young’s modulus 60%
lower than that of the PCL/PLA blend.

4. Conclusions

Studying the influence of the HA and HNTs fillers on the wettability of the selected polyesters and
acrylates, we measured water contact angles, which corroborated that PCL is the most hydrophobic
sample, whereas PHEMA is hydrophilic. The addition of HA and HNTs clearly improved the surface
wettability of neat samples, but not of the binary samples (PCL/PLA and P(HEMA-co-EMA)).

Secondly, distribution of the fillers into the polymer matrices was studied through EDS mapping.
A homogeneous distribution of HA was observed on all polymers, with the exception of PHEMA.
Nonetheless, the presence of HNTs yields large aggregates on more hydrophilic polymers, derived from
the hydrophobic character of the nanotubes, resulting in a good dispersion in non-polar polymers and
creating agglomerations in hydrophilic polymers due to the lower interfacial adhesion. Considering
HA nucleation on polymer surfaces, hydrophobic polymers did not show an efficient induction of
apatite growth. Conversely, large hydroxyapatite cauliflower-shaped crystals formed on moderately
hydrophilic surfaces. We discovered that PHEMA is excessively hydrophilic, so promotes HA
nucleation on its surface.

Finally, the evaluation of the degradation rate of the biodegradable PCL-based samples
demonstrated that both the blending PCL with PLA and the addition of HA and HNTs provide
hydrophilic units, as well as decrease the overall crystallinity of PCL, thereby improving the accessibility
of water molecules to ester linkages and thus the hydrolytic cleavage. Consequently, the faster
degradation rate and reduced mass lead to a faster drop of mechanical properties.
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Abstract: Biodegradable devices for medical applications should be with an appropriate degradation
rate for satisfying the various requirements of bone healing. In this study, composite materials of
polylactic acid (PLA)/stearic acid-modified magnesium oxide (MgO) with a 1 wt% were prepared
through blending extrusion, and the effects of the MgO shapes on the composites’ properties in in vitro
and in vivo degradation were investigated. The results showed that the long-term degradation
behaviors of the composite samples depended significantly on the filler shape. The degradation of the
composites is accelerated by the increase in the water uptake rate of the PLA matrix and the composite
containing the MgO nanoparticles was influenced more severely by the enhanced hydrophilicity.
Furthermore, the pH value of the phosphate buffer solution (PBS) was obviously regulated by
the dissolution of MgO through the neutralization of the acidic product of the PLA degradation.
In addition, the improvement of the in vivo degrading process of the composite illustrated that the
PLA/MgO materials can effectively regulate the degradation of the PLA matrix as well as raise its
bioactivity, indicating the composites for utilization as a biomedical material matching the different
requirements for bone-related repair.

Keywords: biopolymers composites; MgO nanoparticles; MgO whiskers; PLA; in vitro degradation;
in vivo degradation

1. Introduction

The requirement for orthopedic implants in clinical medicine has been paid more attention
by researchers in order to develop new materials to help patients avoiding the pain of secondary
surgery, improve the recovery rate and reduce costs. Recently, polylactic acid (PLA) has been given
more scientific research in the biomedical field, especially for bone repair [1–4], since it has the
advantages of good biocompatibility, processability, biodegradability and bioabsorbability. However,
some disadvantages have limited its widening applications [5–8]. For example, the mechanical
properties of PLA cannot satisfy the requirements of load-bearing devices for bone fixation [5], and its
poor bioactivity would significantly hinder the penetration and absorption of cells on the material
surface [8]. In particular, predominant problems in its degradation have occurred. The pH variation in
the degradation can accelerate the initial degradation rate of the implant and also increase the risk of
adverse tissue reactions, such as the inflammatory response [9], which are not beneficial to the viability
of bone cells, biodegradation properties and the requirements of bone formation.
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In order to solve these problems, researchers have improved the performance of PLA by using
inorganic fillers with a good biological activity and bone-similar ingredients [10–12]. Magnesium
oxide (MgO), another kind of inorganic filler, is with good biocompatibility and non-toxic biological
activity, and become a research hotspot of polymer modification [13–15]. It can release the Mg2+

ions when dissolving, which is favorable for a variety of enzymes conducive to the activation and
synthesis of proteins. Moreover, its unique biological activity plays an important role in cell viability
and as the antibacterial agent, to improve the survival rate of cells as well as the biological activity of
composites [7,16]. Additionally, MgO also perform as an alkaline degradable material with excellent
biological characteristics for the tissue engineering of regenerated bone tissue [16]. It is worth
mentioning that besides the release of magnesium ions in the dissolving process, MgO, including
the nanoparticles and whiskers, can impact on increasing the mechanical properties of the polymer
matrix [13,17] and this is very different from the pure Mg particles as a filler in the PLA matrix [18].
It shows that since the Mg materials can produce the hydrogen during the composite degradation,
it is easily apt to form the interface defects between the matrix and fillers, and meanwhile, there is
no surface modification for the Mg particles prior to the preparation of the composite, which also
weakens the interface bonding. In previous studies [19], it is found that the PLA/MgO composite film
fabricated by the solution casting method can significantly improve the mechanical properties and
biological activities of the PLA matrix, and its alkalinity has a neutralizing effect on regulating the pH
of short-term degradation solutions.

It has been reported that the shape of fillers plays a crucial role in the mechanical properties
and crystalline behaviors of composites. As to the materials of the PLA matrix, the whiskers usually
perform the more enhancing capacity for the mechanical properties of PLA, compared with the
nanoparticles [7,19]. Moreover, the difference in filler shape also affects the degrading behavior of
the PLA composite during a short-time period because the dissolving rates of fillers are diverse, and
this can cause the different variation in the interface bonding [18]. Luo et al. studied the degradation
properties of MgO whisker/PLA composites in vitro, focusing on the long-term degradation, and since,
their work has proved its better mechanical property. Nonetheless, it is necessary not only to focus
on the initial property, but also to understand and investigate the long-term degradability and
biocompatibility of such composites, as implants for bone repair, especially the filler shape effects on
bone cells and tissues. It is worth noting that the change in the hydrophilicity and crystallization of
the polymeric matrix has also been improved and influenced by the addition of fillers as well as its
shape. The increasing hydrophilicity can cause the variation in the water intake in materials, and the
change in the crystallization is beneficial to the growth of ordered crystal structures by affecting the
degradation process of the matrix, such as the hydrolysis process of PLA, as the chain and segment are
more easily apt to move in the degradation [20,21]. However, few studies have focused on the effects
of the MgO shape on the degrading property of the PLA/MgO composite, and there is also no report
on the in vivo degradation process of the PLA/MgO composite which provides the direct performance
of its degrading property and biocompatibility to bone tissue.

In this work, MgO nanoparticles and whiskers are modified with stearic acid to obtain chemical
binding through their interactions [22], as demonstrated in our previous work [17]. The PLA/MgO
composites soaked in a phosphate buffer solution (PBS) under long-term degradation were studied,
and particularly, the influence of the filler shape on the degradation behavior of the composites was
analyzed. The in vivo degradation behavior of the composites was also evaluated.

2. Materials and Methods

2.1. Materials

PLA 2002D (NatureWorks, USA) was dried at 40 ◦C for 72 h before use and all other agents used
were of analytical grade and did not require further treatment.
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2.2. Preparations and Modifications of pMgO and wMgO

The fillers of the MgO nanoparticles (pMgO) and MgO whiskers (wMgO) were prepared in the
laboratory [17,23]. Briefly, MgCl2·6H2O (76.24 g, CAS: 7791-18-6) was dissolved in 250 mL deionized
water, and 1 mL cetyl trimethyl ammonium bromide (CTAB) (1.0 wt%, CAS: 57-09-0) was added
dropwise. C2H2O4·2H2O (23.64 g, CAS: 6153-56-6) was added to this solution and the mixture was
allowed to react for 20 min. The suspension was collected and centrifuged at 7000 rpm for 10 min.
The pMgO precipitate was dried for 1 h in a vacuum oven (85 ◦C) and then sintered in a muffle furnace
for 5 h at 600 ◦C.

The 100 mL solution of Na2CO3 (0.6 mol/L, CAS: 497-19-8) was added dropwise into an equal
volume solution of MgCl2 (0.6 mol/L, CAS: 7791-18-6) and stirred for 20 min. The mixture was aged at
room temperature for 10 h and then filtered, washed, and dried at 80 ◦C for 3–4 h. The precursor was
calcined at 750 ◦C for 4 h with a heating rate of 5 ◦C/min. Then, the resultant wMgO was obtained.

Mixtures of 0.5 g of MgO (nanoparticles or whiskers) and 50 mL of ethanol were placed in
three-necked flasks, which were subjected to ultrasonic treatment in a bath to achieve a full dispersion
of the mixtures. The mixtures were then heated to 45 ◦C under reflux condensation. Stearic acid
(0.005 g, CAS: 57-11-4) was dissolved into 20 mL of ethanol, added dropwise into each MgO suspension,
and allowed to react for 1 h in reflux condensation conditions. The mixtures were then centrifuged,
washed, and dried. The resultant products were denoted as SpMgO or SwMgO. The morphologies of
pMgO, wMgO, SpMgO and SwMgO are shown in the Supplementary Materials.

2.3. Preparation of PLA/pMgO and PLA/wMgO Composites

The PLA/pMgO and PLA/wMgO composites were manufactured by a micro twin screw extruder
(Wuhan Ruiming Test Equipment, Ltd., China) in advance, with a screw speed of 40 rpm and the
temperature profile varied from 165 ◦C at the feeding zone to 190 ◦C at the die. The SpMgO/SwMgO
was dry-mixed with PLA and the mixtures were dried under a vacuum at 50 ◦C for 48 h prior to
the preparing process for the PLA and composites, then followed by the pelletizing step. Detailed
information on the prepared materials is presented in Table 1.

Table 1. Detailed information of the samples.

Sample SpMgO Content/PLA Content (w/w) SwMgO Content/PLA Content (w/w)

PLA 0 0
PPLA 1/100 0
WPLA 0 1/100

The extruded pellets were dried at 50 ◦C for 24 h before extrusion again by the same machine
conditions to obtain the composites’ wire (ϕ2 mm, controlled by the extrusion machine head) and then
prepared the specimens’ rods (ϕ2 × 10 mm) directly. These extrusion-molded specimens were used for
the in vitro degrading experiments.

2.4. In Vitro Degradation in PBS

In vitro degradation of the pure PLA and composite rods were carried out by immersing them in
4 mL of a phosphate buffer solution (PBS) at 37 ◦C for 3, 4, 5, 6, 8 and 12 months. The specimens of
each material were removed from the PBS at the end of these periods. After rinsing with deionized
water and removing the surface water using filter paper, the samples were weighed and then dried in
a vacuum at 40 ◦C to a constant weight.

2.5. Characterization

The morphology of the experimental samples was characterized by field-emission scanning
electron microscopy (FESEM, JOEL 6700F, Japan, operating at 10 kV).
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At the pre-set time points, the soaking specimens were weighed after being cleaned with deionized
water and surface-dried, then they were dried to a constant weight in a vacuum at 40 ◦C and weighed
again. The pH value of the PBS was determined by averaging the results of the 3 independent
measurements, obtained from the three identical samples for each type of composite. The weight losses
were calculated using the following equation:

WLoss(%) =
md

m0
× 100% (1)

where WLoss is the average degrading rate, and m0 and md are the initial and final weights (after
removing the surface water), respectively.

The water uptake measurements were calculated using the following equation [18]:

Wwater(%) =
mw −md

md
× 100% (2)

where Wwater% is the wateruptake rate, and mw, mo and md are the weight of specimen after
conditioning, the final weight (after removing surface water) and the initial weight, respectively.

Gel permeation chromatography (GPC) measurements were taken for the degradation samples in
tetrahydrofuran (THF) (analytical purity) at a concentration of 1–2 mg/mL by a Waters 2414 system
(Milford, MA) equipped with a Waters Differential Refractometer. THF was eluted at 1.0 mL/min
through two Waters Styragel HT columns and a linear column. The internal and column temperatures
were kept constant at 35 ◦C. Calibration curves were obtained based on the standard samples of the
mono-dispersed polystyrene.

The thermal analysis of the samples was performed using a differential scanning calorimetry
(DSC) instrument (Netzsch Co. Ltd., Freistaat, Germany). The samples, weighing approximately
5–8 mg each, were sealed in an aluminum pan, heated under a nitrogen flow from room temperature
to 220 ◦C at a heating rate of 20 ◦C/min, isothermally conditioned at 220 ◦C for 2 min, cooled to 0 ◦C
and then reheated to 220 ◦C at a heating rate of 10 ◦C/min. The crystallinity degree (Xc) of the samples
was estimated using the following Equation:

χc(%) =
ΔHm − ΔHcc

ΔH0
m

× 100% (3)

where ΔHm (J/g) is the value of fusion, ΔHcc is the cold crystallization enthalpy obtained during the
DSC heating process, ΔHm

o is the fusion enthalpy of the completely crystalline PLA, and φ is the
weight fraction of PLA in the sample. The value of PLA is selected as ΔHm

0 = 93.6 J/g [24].

2.6. In Vivo Experiment

2.6.1. Animal Models

The in vivo experiments were carried out as described by Reference [24]. Briefly, a total of
10 healthy adult (~1 year) Japanese white rabbits weighing 3 ± 0.2 kg were selected for animal testing,
and they were divided in 2 groups, with 5 rabbits in one group, of which 2 rabbits were used as
standby samples. One rabbit was implanted with 2 samples, where the left and right legs were
implanted with one sample each (φ2 × 6 mm). Further, sub-cage feeding was performed for a week
and no adverse reactions were found. Rabbits were anesthetized with an intramuscular injection
of ketamine (0.2 mL/kg). After that, the hair on the side of the knee in a roughly 5-cm range was
shaved. The iodine disinfectant was used to disinfect the knee parts of the rabbit. The anterior lateral
patella of the knee was incised to about 4 cm, followed by cutting the skin, lateral support and a
joint capsule. A hole with a depth of 1 cm was drilled in the femur and tibial cancellous bone of the
knee. The PLA and WPLA rods were implanted into the hole separately; then, postoperative suture,
iodophor disinfection and sub-cage feeding were performed. Rabbits were sacrificed with ear veins
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injected with air. The bone with the implanted rod was removed from the euthanized rabbits after
3, 6, 12 and 18 months, and preserved by a 10% formalin solution. For all the animal experiments,
the materials and surgical instruments were radiation-disinfected in the Tianjin Jinpeng far radiation
Co., Ltd. after Co60 for 24 h, with a radiation dose of 25 KGy, and the experiments were implemented
by Tianjin Hospital (approval No. 2015-11155).

2.6.2. Routine Pathological Examinations

Hard histological biopsies were performed to evaluate the structure variation of the implants under
long-term degradation behaviors and the tibial cancellous bone response after surgery. The surgical
sites were fixed in a 10% formaldehyde solution, and then the samples were dehydrated in the order
of the graded series of alcohols. Following the dehydration and decalcification, the specimens were
embedded in paraffin, and the tissue sections were stained with hematoxylin and red staining.

The whole process of experiment is present in Figure 1.

Figure 1. Schematic illustration of the experiment.

3. Results

3.1. Microstructures of In Vitro Degradation of PLA and Composites

Figure 2 shows the surface morphologies and fracture morphologies (brittle fractures treated with
liquid nitrogen) of the PBS-soaked samples at the different degradation periods. It is obvious that the
surface degradation of all specimens is gradually aggravated with the extension of the immersion
time. Specifically, some microcracks on the surface of all the samples in the 6 months appear, and the
degrading holes are also shown by the 8 and 12 months in Figure 2a, which are produced by the PLA
decomposition [25]. Meanwhile, the higher number of decomposing holes of the PPLA and WPLA
composites are displayed and indicate that the decomposition of composite materials is more intensive
than that of PLA under the long immersion period, probably due to the presence of MgO affecting the
matrix’s hydrophilicity. In Figure 2b, the fracture morphologies of the composites also form the greater
number of bigger holes of WPLA and PPLA observed in comparison with the contemporary PLA
sample and the intensive hydrolysis behavior of the matrix over the 12 months of composition is also
displayed, suggesting their accelerating degradation under the long-term immersion. However, it can
be observed that the morphologies of the samples in some areas (marked by red arrows) are greatly
different between WPLA and the others, particularly in the graphs of 12 months. The former performs
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brittle-similar fracture behavior, while the latter exhibits noticeable plastification areas, which are
probably a result of the degradation product and water [20,21].

 

 
Figure 2. SEM microstructures of polylactic acid (PLA) and composites at different degradation times:
(a) surface morphologies; (b) fracture morphologies.

3.2. Weight Loss, Water Intake and pH Value

The weight changes caused by the sample’s degradation in the PBS are shown in Figure 3a.
It can be seen that the variation in all samples is similar, namely by decreasing gradually. Obviously,
the residual weights of the composites are comparatively less than that of the neat PLA over the
12 months, which is also mainly due to the MgO presence increasing the water uptake and accelerating
the matrix decomposition. Initially, from the 4 months, there is an apparent increment in the degrading
rate of PLA possibly because of its self-catalytic degradation [26], which accelerates its weight loss.
Compared with the control PLA sample, the variation in the composites’ weight loss is not greatly
remarkable during the whole testing process. However, it is notable that WPLA provides the slightly
more residual weight from the 5 months probably due to the hard degradation of its crystalline
part leading to much more water, and there is also the increment in the water intake of WPLA over
5 months. Consequently, PPLA has the higher residual weight in comparison with WPLA in the
12 months. This is probably related to the MgO shape affecting the crystal behaviors and water
uptake of the PLA matrix [18]. In Figure 3b, the composites exhibited the higher value of water
absorption, which is consistent with their weight loss results, and attributed to MgO enhancing the
hydrophilicity of the PLA matrix. Moreover, compared with the contemporary WPLA specimens,
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the samples of PPLA perform much a stronger hydrophilic capability during the experimental period
and this is probably caused by the higher quantity of nanoparticles compared with the same weight
whiskers. Undoubtedly, the density of the crystal areas of PPLA can also be increased more notably by
nanoparticle nucleation [23] but these forming areas are probably smaller due to the inhibiting growth
effect between each other. Moreover, there may be much more parts of the imperfect crystal and
amorphous region present, which can easily occur at the beginning of the degradation and lead to the
acceleration of the degrading process, since metal oxides can effectively accelerate the decomposition
of the PLA matrix, especially in a comparatively short-term degradation [27]. As to the variation
in the pH value shown in Figure 3c, the pure PLA has a significantly lower value than that of the
composites. With the addition of MgO, the pH values of the degrading solution are higher, in spite
of decreasing gradually, especially at the final stage. The delay in the pH reduction in the composite
solution may be mainly due to the neutralization of the alkaline magnesium ions released by MgO
in the degradation medium [28]. Additionally, it is noted that PPLA also performs slightly better in
controlling the solution’s pH value, although the pH value of the later period was around at 6.4.

Figure 3. The (a) weight loss, (b) water intake and (c) pH value as a function of the degradation time of
the neat PLA and composite immersed in the phosphate buffer solution (PBS).

3.3. GPC and DSC Results

In Table 2, the molecular weight data obtained from the GPC analysis are included. It is observed
that the Mw of PLA and the composites decrease as the time is prolonged, as a consequence of the
hydrolytic process. Initially, there is no intensively significant difference between the composites and
PLA. The Mw of WPLA over 3 months is a little higher and this tendency is maintained until the
12-months of the degradation. As to the variation in PI (dispersity indexes), initially, the neat PLA
performs the lower value compared with the composites for the samples of 3 and 4 months, while with
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the time prolonging, there is an increasing tendency of PLA PI. This change is probably due to the
hydrolysis of the matrix and the formation of the degradation product with a lower Mw from the
amorphous areas in the PLA sample. It is noticeable that the variation in the Mw of PPLA is with
the lowest value from 3 months to 6 months, and this is consistent with the previous study’s report
that metal oxides can enhance the degradation of the PLA matrix before 3 months [29]. However,
with the extension of the immersing time, PPLA has the higher Mw value than that of PLA in 8 and
12 months, indicating the delaying degradation of PPLA. This is probably due to the more crystalline
structure formed by the nanoparticles and the slowing degradation of the crystalline part occurring in
the polymeric matrix. The MgO, especially the whiskers, is favorable for forming the more crystal
regions, resulting in it effectively inhibiting and alleviating the degradation of the specimen [7], in spite
of increasing the water uptake and hydrophilicity of the PLA matrix. In addition, there is a prominent
difference between the Mw of PPLA and WPLA in the 12 months, and the higher Mw value of WPLA
observed is possibly ascribed to the presence of bigger and more complete crystal regions, which lead
to a higher crystallinity and is formed by the tighter arrangement of the PLA molecule induced by the
whiskers [30]. This also indicates that the large amount of water entering the matrix is apt to accelerate
the hydrolyzing of the amorphous material, but it slightly impacts on the crystal area even for the
long-term degradation.

Table 2. Gel permeation chromatography (GPC) data corresponding to the samples.

Time/Months
PLA PPLA WPLA

Mw Mn PI Mw Mn PI Mw Mn PI

3 135,777 85,630 1.59 124,969 79,492 1.57 142,721 87,717 1.63
4 122,638 78,164 1.57 119,200 74,087 1.61 128,695 78,720 1.63
5 113,343 70,064 1.62 105,310 65,020 1.62 111,342 75,066 1.48
6 84,728 55,543 1.53 77,485 50,884 1.52 103,873 67,122 1.55
8 51,364 28,036 1.83 64,290 41,053 1.57 68,602 44,645 1.54

12 4017 3365 1.22 9798 16,703 1.70 21,573 13,011 1.66

Weight averaged molecular weight (Mw), number averaged molecular weight (Mn) and dispersity indexes
(PI =Mw/Mn) of the specimens as determined by GPC.

The DSC data for the pure PLA and the composites in the experiment are displayed in Figure 4.
During the degradation process, the Tg peaks observed for the samples is gradually shifted to the lower
value, and the same variation is also observed for Tm. There are also two endothermic peaks for some
curves and this is a common phenomenon for PLA degradation due to the recrystallization process
of the defective crystals as decomposed products [7]. The whole degrading process starts with an
amorphous degradation and then gradually combines with the destruction of the crystalline structure
in a long-term degradation, which is also with the similar decline process of the molecular weight
proved by the GPC results. It is found that there is only one endothermic peak in the PLA sample
in 12 months with the lower value of Tm, and according to the GPC results in the corresponding
period, it probably implies the formation of a decomposed product with a low molecular weight during
the long-term degradation, which is distinguished from the crystalline region in PPLA and WPLA,
as observed in the contemporary comparison of the curves. For the samples in 3 months, the curve of
the PPLA specimen has double the endothermic peaks, possibly due to its accelerating degradation
caused by the MgO nanoparticles [29] at the former 3-months stage. Moreover, in comparison with the
curves of PPLA, the variation in the WPLA DSC line implies the lower degrading rate of WPLA, and
this can be ascribed to its high crystallinity by the whiskers, demonstrated by the results of Xc in Table 3.
Additionally, there is also no obvious cold crystallization phenomenon of WPLA in 12 months, differing
from the PPLA performance, which also verifies the high crystallization of the WPLA composite. It is
also greatly remarkable that the whole variation of PPLA in the DSC from 3 months to 12 months is
not similar to that of WPLA, and the double endothermic peaks are maintained in all the curves of
PPLA. It is probably due to the relatively denser or more compact crystalline network structure in the
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PPLA matrix after the short-term degradation, which may be helpful to delay its degradation, in spite
of its lower crystallinity.

Figure 4. The differential scanning calorimetry (DSC) curves of the secondary heating curves obtained
for the degraded samples.

Table 3. DSC data corresponding to the samples.

Time(Months)/Samples Tm1 (◦C) Tm2 (◦C) ΔHcc (J/g) ΔHm (J/g) Xc (%)

3 PLA 153.9 - −12.8 25.5 40.8
PPLA 147.7 155.2 −8.37 35.3 46.6
WPLA 151.7 154.5 −23.6 37.7 65.4

4 PLA 151.5 156.6 −21.0 33.1 57.8
PPLA 147.6 155.2 −10.9 37.5 51.6
WPLA 149.4 154.2 −22.1 34.3 60.2

5 PLA 151.4 156.8 −25.0 29.6 58.4
PPLA 147.3 155.1 −6.3 38.9 48.4
WPLA 149.1 155.1 −22.1 30.6 56.2

6 PLA 147.2 154.7 −5.0 39.6 47.6
PPLA 146.8 154.9 −5.9 43.0 52.2
WPLA 148.8 154.8 −30.3 32.9 67.5

8 PLA 149.4 155.6 −26.5 45.6 77.1
PPLA 147.7 154.6 −4.8 35.8 43.3
WPLA 147.1 154.9 −16.8 43.0 63.8

12 PLA 126.9 - −33.0 24.9 61.9
PPLA 137.5 147.2 −6.8 28.7 38.0
WPLA 140.6 148.9 −4.0 43.1 50.3

3.4. Dying of In Vivo Degradation

According to the degradation results in vitro, the in vivo degradation of PLA and WPLA were
carried out for the comparatively long-term implanting. More attention was given to the changes in
the materials in vivo with the time of 3 months, 6 months, 12 months and 18 months, and the graphs
of the histological examinations stained by hematoxylin and red staining are displayed in Figure 5.
After 3 months, the edge of the implanted WPLA composite was not flat, while the control PLA was still
relatively smooth, as shown. Combined with the results of the water intake and molecular weight of the
materials, it indicates that the swelling stage of the decomposing process is more intensive for WPLA,
due to its enhanced hydrophilicity. Meanwhile, after the 6-month implantation, it is noteworthy that
the implants of PLA and WPLA exhibited a large number of decomposition cracks, and the apparent
destruction of the implants was also observed (12 months of Figure 5), but the cracks for both samples
are not similar. Specifically, there are much more and parallel cracks displayed in the control PLA in
spite of the insignificant swelling, nevertheless the specimen of WPLA seems to swell significantly and
break into some block regions by less random cracks. The results illustrate that the water intake rate
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of WPLA with the MgO whiskers is faster than that of the pure PLA, but the degradation rate of the
pristine PLA may be more prominent, suggesting that the degradation process of the matrix in the
control and composites were different from each other. Moreover, after the 18 months, the implant
of WPLA is basically decomposed, the partial degrading matrix enter into the newly-formed bone
trabecula with a tight touch (marked by red arrows in 18 months of Figure 5) and PLA is still in the
comparatively complete rod shape with a slight expansion, implying the accelerating decomposition of
the swelled WPLA in the final degrading stage. This illustrates that MgO has a significant effect on the
degradation process of the PLA matrix. The swelling rate and process are more accelerated and more
intensively impacted on the degradation, along with the matrix decomposition. Additionally, from
the parts noted by the red lines in the graph, it can be seen that the presence of MgO is favorable for
inducing the tight connect between the matrix and bone trabeculae, due to both the better hydrophilicity
and biological activity of the significant effect of Mg2+ on bone formation and healing [28].

Figure 5. Histological morphologies of the implanted PLA and WPLA after 3-, 6-, 12- and 18-months
duration of implantation.

4. Discussions

The nucleation abilities of the nanoparticles and whiskers for the polymeric composites are
different, leading to the variation in their crystallinization. Undoubtedly, with the equal quality,
the quantity of the nanoparticles is much more than that of the whiskers, and the hydrophilicity
improvements of PPLA are more prominent, as shown in Figure 3b. The hydrolysis process of the
composites is mainly impacted by water absorption. The SEM graphs reveal that the degradation
behaviors of the composites PPLA and WPLA in the long-term degradation process are similar to that
of the pure PLA, and there is the beginning of the amorphous region’s decomposition for the polymeric
matrix. However, the decomposition of the PLA amorphous area is obviously faster, which shows the
“tough fracture”, although no obvious hole is shown in the 12-months sample of Figure 1. It is probably
due to the amorphous status from the degradation product of a low molecular weight [31]. Meanwhile,
it also seems that compared with PPLA, the crystalline region of WPLA is more difficult to destroy,
possibly due to two aspects. One is that the whiskers in WPLA induce the PLA molecular chain
to form a crystal structure along the whiskers, which enhance their interface bonding and increase
the crystallinity [30]. The other is that the whiskers have the ability to promote the ordering of the
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hydrolyzed PLA molecular chains, and its looser percolation network structure is more conducive to
the growth of the PLA chip [31], which is also confirmed by the results of a higher value of crystallinity
in the DSC and molecular weight in the GPC of the 12-months degradation. Additionally, it should
be noted that although PPLA is easier to lose the amorphous area and perform a fast degradation
during a short-time immersion, the nanoparticles with a smaller size are apt to fabricate the relatively
denser or more compact crystalline structure and this is helpful to delay the PPLA degradation in the
long-term degradation, which can also maintain the pH stability, as shown in Figure 2.

As to the in vivo degradation, the variation in the decomposing process of the WPLA composite
affected by the whiskers is also distinct from that of the control PLA. The long-term degradation results
show that the composites swell more prominently and faster due to the enhanced hydrophilicity
which increases the water intake, and the swelling rate of the composite is also much faster than the
degradation rate of the polymeric matrix. Meanwhile, the degraded status of the WPLA implant
observed directly from the histological morphologies differs from the sample without whiskers. Due to
the swelling effect, the composite is decomposed into the “block” shape, although it still degraded
through bulk erosion [32], which is identical to the degrading mechanism of the pristine PLA. However,
with the higher water uptake, it indicates that the degradation of WPLA is greatly controlled by the
diffusion rate of the water in the PLA matrix due to the significant enhancement of hydrophilicity.
Moreover, the biological activity of the PLA matrix is obviously improved, the specimen is tightly
surrounded by bone tissue and the materials and newly formed bone trabecula are integrated into
each other.

5. Conclusions

The in vitro and in vivo degradation of the biodegradable composites prepared by the PLA matrix
blending with the 1% wt. MgO were investigated to determine the effect of the MgO shape (nanoparticles
and whiskers) on the degradation process of PLA/MgO composites. We have demonstrated that the
addition of MgO can accelerate the water uptake rate of the PLA matrix, and the degrading procedure
of composites begins with the loss of the non-crystalline region prior to the destruction of the crystalline
parts, demonstrated by the DSC results, but the water uptake rate of the composites, especially with
MgO whiskers, is obviously faster than its bulk degradation in the degrading procedure, caused by the
presence of MgO. The in vivo results of the histological morphologies suggest that the PLA matrix of
the composite has the prominently enhanced bioactivity and that this PLA/MgO biocomposite can be
potentially utilized for bone repair with better performance.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/12/5/1074/s1.
Figure S1. The SEM graphs of the MgO nanoparticles and whiskers.
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Abstract: This work reports the potential of poly(lactic acid)—PLA composites with different halloysite
nanotube (HNTs) loading (3, 6 and 9 wt%) for further uses in advanced applications as HNTs could be
used as carriers for active compounds for medicine, packaging and other sectors. This work focuses
on the effect of HNTs on mechanical, thermal, thermomechanical and degradation of PLA composites
with HNTs. These composites can be manufactured by conventional extrusion-compounding followed
by injection molding. The obtained results indicate a slight decrease in tensile and flexural strength
as well as in elongation at break, both properties related to material cohesion. On the contrary,
the stiffness increases with the HNTs content. The tensile strength and modulus change from
64.6 MPa/2.1 GPa (neat PLA) to 57.7/2.3 GPa MPa for the composite with 9 wt% HNTs. The elongation
at break decreases from 6.1% (neat PLA) down to a half for composites with 9 wt% HNTs. Regarding
flexural properties, the flexural strength and modulus change from 116.1 MPa and 3.6 GPa respectively
for neat PLA to values of 107.6 MPa and 3.9 GPa for the composite with 9 wt% HNTs. HNTs do
not affect the glass transition temperature with invariable values of about 64 ◦C, or the melt peak
temperature, while they move the cold crystallization process towards lower values, from 112.4 ◦C
for neat PLA down to 105.4 ◦C for the composite containing 9 wt% HNTs. The water uptake has
been assessed to study the influence of HNTs on the water saturation. HNTs contribute to increased
hydrophilicity with a change in the asymptotic water uptake from 0.95% (neat PLA) up to 1.67%
(PLA with 9 wt % HNTs) and the effect of HNTs on disintegration in controlled compost soil has been
carried out to see the influence of HNTs on this process, which is a slight delay on it. These PLA-HNT
composites show good balanced properties and could represent an interesting solution to develop
active materials.

Keywords: poly(lactic acid), halloysite nanotubes; mechanical characterization; morphology;
thermal characterization

1. Introduction

In the last decade, the polymer industry has faced important challenges related to new
regulations, increasing concern about environment, petroleum depletion and others. Sustainability has
consolidated as a leading force in the development of new high environmentally friendly materials [1–3].
Petroleum-derived polymers have, in general, a remarkable effect on the overall carbon footprint, so that
many researches have focused on the development of new polymers (thermoplastics, thermosetting
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and elastomers) with a positive effect on their carbon footprint [4–7]. These environmentally friendly
polymers could be classified into three different groups with different environmental connotations [8].
One group is composed of biodegradable petroleum-derived polymers such as most aliphatic polyesters,
i.e., poly(ε-caprolactone)—PCL, poly(butylene succinate)—PBS, poly(glycolic acid)—PGA and so
on [9–11]. Although they are petroleum-derived polymers, they show interest from an environmental
standpoint as they can be disintegrated in controlled compost soil conditions. Another interesting and
growing group is that of bio-based and non-biodegradable polymers which include polymers such
as poly(ethylene)—PE, poly(ethylene terephthalate)—PET, poly(amides)—PAs and so on, which are
obtained from renewable resources but are not biodegradable [12–16]. In fact, they show almost
identical properties to their corresponding petroleum-derived counterparts. Their interests in that
they can contribute to reduce the carbon footprint as they are obtained from plants that are able
to fix CO2. Finally, there is an increasing interest on a group of polymers that are both bio-based
and biodegradable. This group includes polysaccharides and derivatives, e.g., cellulose, chitin,
chitosan, starch and derivatives, among others [17–19]. Protein-based polymers, e.g., gluten, soybean
and collagen, among others are also included in this group [20–23]. Finally, bacterial polyesters or
poly(hydroxyalkanoates)—PHAs, which derive from bacterial fermentation are gaining interest but
up today, their synthesis process and purification is still an expensive process but these materials are
thought to be a real alternative to a wide variety of polymers due the high number of poly(esters) that
can be synthesized by different bacteria. Among all poly(hydroxyalkanoates), it is worthy to note the
key role that poly(hydroxybutyrate)—PHB and its copolymers could acquire in the future [24–28].

Above all these polymers, it is worthy to note the current interest of poly(lactic acid)—PLA,
which can be obtained by starch fermentation and, subsequently, polymerization. PLA and its
blends have gained a privileged position in the polymer industry as it shows balanced properties
(mechanical, thermal, barrier, physical and so on) with an everyday most competitive price [29–31].
Today it is possible to find PLA in a wide variety of industrial applications that include automotive,
construction and building, packaging, houseware and so on [32–36], Behera et al. [37] proposed that
by controlling the manufacturing process, the properties of PLA could be tailored e.g., by lowering
Mw and the glass transition temperature (Tg). On the other hand, PLA is one of the most widely
used material employed for fused deposition modeling (FDM) for 3D printed parts for whatever
industry [38–41]. In addition to its biodegradability, PLA is resorbable and therefore it finds increasing
use in the medicine industry (stents, screws, fixation plates, scaffolds for tissue engineering, surgical
suture and so on) [42–46]. In these applications, PLA could also act as a drug carrier to provide
controlled drug release [47,48]. Micro and nanoencapsulation have given interesting results for
different purposes. This can be accomplished by loading the PLA matrix with encapsulated micro-
or nanoparticles. In the recent years, nanotubes (NTs) have gained interest in both pharmacy and
medicine applications as they can be used as carriers to deliver different active compounds such
as antioxidants, antibiotics, antimicrobials and wound healing, among others [49–51]. Different
nanotubes have been proposed with this aim and different possibilities. Despite carbon nanotubes
(CNTs) have attracted most interest, other nanotubes are being studied as potential drug carriers in
medicine and pharmacy [52–55], e.g., titanate and titania nanotubes (TiNTs) [56,57], hydroxyapatite
(HApNTs) [58] and zinc oxide (ZnONTs) [59]. One important drawback of nanotubes is their synthesis
process, which is, usually, complex and expensive. Nevertheless, aluminosilicates offer interesting
properties as potential carriers. Halloysite nanotubes (HNTs) are naturally occurring nanotubes derived
from a particular aluminosilicate structure, composed of an external silicate layer and an internal
alumina layer with a different specific volume. This particular structure allows growing nanotubes
in the form of rolled silica-alumina layers. They are worldwide available at a competitive price and
they can be selectively etched to increase their carrying capacity and above all, they are completely
biocompatible [60,61]. HNTs have been loaded into different polymer matrices such as poly(lactic
acid), N,N′-ethylenebis(stearamide) (EBS), poly(propylene), poly(amide) 11, poly(ethylene-co-vinyl
acetate) (EVA), high impact poly(styrene) (HIPS) [62–64] and different loaded drugs such as insulin,
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thymol and PEG-hirudin [65,66]. In addition to the bioactivity of these composites, they must fulfill
some mechanical, thermal, chemical and physical properties to be used in a particular application [67].

This work explores the effect of halloysite nanotubes (HNTs) on mechanical, thermal and
thermomechanical properties of a poly(lactic acid) matrix for potential uses in engineering applications.
The effect of the loading amount comprised between 3 and 9 wt% is studied.

2. Experimental

2.1. Materials

A poly(lactic acid) commercial grade Ingeo 6201D in pellet form was supplied by NatureWorks
LLC (Minnesota, USA). This grade possesses a density of 1.24 g cm−3 and a melt flow index comprised
between 15–30 g/10 min measured at a temperature of 210 ◦C. Despite this commercial grade is intended
for melt spinning of fibers, this melt flow index is also suitable for injection molding and this grade has
been previously used as a base material for plasticization, blending and manufacturing of wood plastic
composites. Halloysite nanotubes (HNTs) with a chemical composition of Al2Si2O5(OH)4·2H2O and
CAS 1332-58-7, were purchased from Sigma Aldrich (Madrid, Spain). HNTs had an average molecular
weight of 294.19 g mol−1. The average length was comprised between 1 and 3 μm while the external
diameter varied from 30 to 70 nm. The typical morphology of these HNTs is shown in Figure 1 where
the typical tubular shape can be detected and even the lumen diameter can be seen by transmission
electron microscopy technique, it was performed in a Philips microscope model CM10 (Eindhoven,
the Netherlands), the acceleration voltage was set at 100 kV. The HNTs samples were spread in acetone
then immersed in an ultrasound bath; afterward, a small drop of this solution was poured onto a carbon
grid, it was subjected to solvent evaporation at 25 °C. From the TEM images, the lumen size of HNTs
was obtained. At least 50 measurements were performed to obtain the size distribution. As reported in
a previous work by Garcia-Garcia et al. [60], the composition of HNTs is mainly SiO2 (53.75%) and
Al2O3 (44.57%) and, in a less extent, some additional oxides at less than 1% (P2O5, Fe2O3, SO3 and CaO,
among others). As it can be seen in Figure 1, HNTs were also characterized by field emission electron
microscopy (FESEM) operated at an acceleration voltage of 2 kV. Due to the high hydrophilicity of
HNTs, they tended to form aggregates (Figure 1c), which shows an aggregate of dimensions 5.1 × 71
μm2. The tubular shape could also be observed by FESEM as it is shown in Figure 1d, in which a single
HNT can be observed with an external diameter of 105 nm and a length of about 0.5 μm. Nevertheless,
as indicated by Garcia-Garcia et al. [60] the size distribution of HNTs is rather heterogeneous.

Both PLA pellets and HNTs were dried at 60 ◦C for 24 h in an air-circulating oven to remove residual
moisture. Different formulations were prepared containing different HNTs loading as summarized in
Table 1. Poly(vinyl acetate)—PVAc was obtained from Sigma-Aldrich (Madrid, Spain), it was used as a
compatibilizer due to its high hydrophilicity.

Table 1. Labeling and composition of poly(lactic acid) composites with different HNTs loadings with
poly(vinyl acetate) compatibilizer.

Code PLA (wt%) HNTs (wt%) PVAc (phr) *

PLA 100 - -
PLA-3HNT 97 3 0.3
PLA-6HNT 94 6 0.6
PLA-9HNT 91 9 0.9

* phr represents the weight parts of additive per one hundred weight parts of the PLA/HNT composite material.
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Figure 1. Different images showing the structure of halloysite nanotubes (HNTs). Transmission electron
microscopy (TEM) images of halloysite nanotubes at different magnifications (a) 30,000×, (b) 80,000×.
Field emission scanning electron microscopy (FESEM) images of (c) HNT aggregate at 10,000× and (b)
isolated HNTs showing dimensions and the tubular structure at 100,000×.

2.2. Manufacturing of PLA/HNTs Composites

These formulations were placed in a zipper bag and subjected to an initial homogenization process.
The mixtures were fed into a twin-screw co-rotating extruder from DUPRA S.L. (Alicante, Spain) with
the following temperature profile: 165 ◦C (hopper), 170 ◦C, 175 ◦C and 180 ◦C (dye). The rotating
speed of the screw was set to 40 rpm and the maximum extruder capacity was set at 60%. The obtained
compounds, were pelletized for further processing by injection moulding in a Meteor 270/75 from
Mateu & Solé (Barcelona, Spain) with the following temperature profile (from the hopper to the
injection nozzle): 170 ◦C, 180 ◦C, 190 ◦C and 200 ◦C. After this, standard samples for characterization
were obtained as can be seeing in Figure 2. As it can be seen, the addition of HNTs contribute to a
remarkable change in color from white (neat PLA) to dark brown for the composite with 9 wt% HNTs.
Therias et al. [68] have reported identical change in color with increasing HNTs loading.

Figure 2. Digital images of PLA-HNT composites with different HNTs loading.
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2.3. Thermal Characterization

Thermal characterization was carried out by differential scanning calorimetry (DSC) in a DSC 821
from Mettler-Toledo Inc. (Schwerzenbach, Switzerland). The selected thermal cycled was divided into
three different stages: A first heating from 30 ◦C to 200 ◦C was followed by a cooling down to 0 ◦C
and, finally, a second heating stage from 0 ◦C up to 350 ◦C was scheduled. All the stages were run at a
rate of 10 ◦C min−1 in nitrogen atmosphere (66 mL min−1). Different parameters were obtained from
the second heating cycle, namely, the glass transition temperature (Tg), the cold crystallization peak
temperature (Tcc) and enthalpy (ΔHcc), the melt peak temperature (Tm) and enthalpy (ΔHm) and the
degradation temperature (Td). The degree of crystallinity (χc%) was calculated following Equation (1).

χcPLA (%) =

[ |ΔHm| − |ΔHcc|
|ΔH100%|·wPLA

]
·100 (1)

where ΔH100% is a theoretical value that represents the estimated melt enthalpy of a fully crystalline
PLA polymer, i.e., 93.7 J g−1 as reported in literature [69]. Finally, the term wPLA represents the weight
fraction of PLA on composites [70–72].

In addition to this thermal characterization, samples were analyzed by thermomechanical analysis
(TMA) to obtain the dimensional stability of the obtained composites. In particular, the coefficient
of linear thermal expansion (CLTE) was calculated from the slope of the characteristic TMA curves.
To this, a thermomechanical analyzer TA Q400 (DE, USA) was used with a constant force of 20 mN.
The heating program was set from –80 ◦C up to 100 ◦C at a heating rate of 2 ◦C min−1.

To better understand the thermomechanical behavior of the samples, they underwent dynamic
mechanical thermal analysis (DMTA) in an oscillatory rheometer AR-G2 supplied by TA Instruments
(New Castle, USA). A special clamp system designed for solid samples (40 × 10 × 4 mm3) were used,
it works in torsion-shear conditions. The heating program was a temperature sweep from 30 ◦C up to
140 ◦C at a constant heating rate of 2 ◦C min−1. The maximum shear/torsion deformation (γ), and the
oscillations frequency were defined as a percentage of 0.1% and 1 Hz, respectively.

2.4. Mechanical Properties

The most relevant information about mechanical properties was obtained by tensile, flexural,
impact and hardness tests. Tensile and flexural tests were carried out as indicated in ISO 527 and ISO
178 respectively in a universal test machine ELIB 30 from S.A.E. Ibertest (Madrid, Spain). A load cell of
5 kN was used for both tests and the crosshead rate was set to 5 mm min−1. With regard to the impact
properties, a Charpy pendulum with a total energy of 6 J from Metrotec S.A. (San Sebastián, Spain)
was used on unnotched samples. The hardness was estimated using a Shore durometer with the “D”
scale, model 673-D from J. Bot S.A. (Barcelona, Spain). All mechanical tests were run on five different
samples and the average values of the corresponding properties were obtained.

2.5. Morphology Characterization

The morphology of the fractured samples (after failure in the impact test) was analyzed by field
emission scanning electron microscopy (FESEM). A Zeiss Ultra55 FESEM microscope from Oxford
Instruments (Oxfordshire, UK) working at an acceleration voltage of 2 kV was used. As PLA/HNTs
composites are not electrically conducting, samples were subjected to a sputtering process with
gold-palladium in a high vacuum sputter coater EM MED020 from Leica Microsystems (Milton
Keynes, UK).

2.6. Water Uptake of PLA/HNTs

Water uptake of PLA/HNTs composites was carried out as indicated in ISO 62:2008 with distilled
water at 30 ± 1 ◦C for a period of 98 days. Rectangular samples with dimensions 80 × 10 × 4 mm3

were initially dried at 60 ◦C for 24 h to remove residual moisture in an air circulating oven 2001245
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DIGIHEAT-TFT from J.P. Selecta, S.A. (Barcelona, Spain). After this drying process, samples were
submerged in distilled water and removed after planned times. These samples are dried with a
cotton cloth and subsequently, are weighed in an analytic balance AG245 from Mettler-Toledo Inc.
(Schwerzenbach, Switzerland); after weighting, samples were submerged aging in distilled water.
The amount of absorbed water during the water uptake was calculated from Equation (2).

Δmt(%) =

(
Wt −W0

W0

)
× 100, (2)

where Wt is the mass after a time t while W0 represents the dry weight of PLA/HNTs composites
before the water uptake process. After a particular immersion time (saturation time) changes in water
absorption can be neglected as they are extremely low. Then, it is possible to obtain the saturation
mass that is denoted as Δmass.

2.7. Disintegration in Controlled Compost Soil

Biodegradation test, or more correctly, disintegration in the controlled compost soil test, was
carried out following ISO 20200. The disintegration process was carried out at a temperature of 58 ◦C
and a relative humidity on soil of 55%. Squared samples (20 × 20 mm2) and a thickness of 1 mm were
buried into a biodegradation reactor, prepared as indicated in the corresponding standard. After some
periods, samples were unburied, washed with distilled water and dried at 50 ◦C and, finally, weighed
in an analytic thermobalance. The weight loss during the biodegradation process was calculated from
Equation (3).

Weight loss (%) =

(
W0 −Wt

W0

)
× 100. (3)

In this equation, Wt represents the mass after a degradation time t and W0 stands for the dry
weight of PLA/HNTs composites before disintegration.

3. Results and Discussion

3.1. Influence of HNTs Content on Mechanical Performance of PLA/HNTs Biocomposites

Table 2 shows a summary of the main mechanical parameters obtained from different tests,
i.e., tensile, flexural, impact and hardness, as a function of increasing HNTs content. The first thing one
can realize is that the tensile strength (σt) was not highly affected by the presence of HNTs. It is true
that we could observe a slight decrease in σt with increasing HNTs content. In particular, neat PLA
showed a σt of 64.6 MPa while all composites with HNTs showed a σt comprised between 58–59 MPa,
which represents a maximum percentage decrease of about 10%. On the other hand, the effect of
HNTs on ductile properties such as elongation at break (%εb) was much more pronounced. PLA is
an intrinsically fragile polymer with a restricted elongation at break of only 6.1%. As we can see in
Table 2, HNTs produced an embrittlement effect on PLA, leading to %εb lower than 4%. The maximum
decrease corresponded to the PLA composite with 9 wt % HNTs with an elongation at break of 3.3%
(which represents a percentage decrease of about 45%). HNTs were dispersed into the PLA polymer
matrix and promoted a loss on material cohesion. Therefore, the stress transfer from the embedded
particles to the surrounding matrix was restricted, and this had a negative effect on elongation at break.
Similar findings have been reported in literature with PLA matrices [73,74]. As expected, the tensile
modulus increased with increasing HNTs content. It is important to remember that the tensile modulus
(Et) represents the ratio between the applied stress (σ) and the obtained elongation (ε) in the linear
region of a stress-strain curve. As above-mentioned, both tensile strength and elongation at break
decrease with increasing HNTs content, but the decrease in %εb was much more pronounced than that
observed for σt. As the strain was in the denominator, as the denominator (ε) decreased more than
the numerator (σ), the overall effect was an increase in Et. While neat PLA was characterized by an
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Et value of 2086 MPa and the composite with 9 wt% HNTs was more brittle, with a tensile modulus
of 2311 MPa (>10% increase). These results are in accordance to those reported by Chen et al. [45].
This embrittlement could be related to an increase in the structural stiffness of PLA chains due to
HNTs-PLA interactions [75,76]. These low decrease in tensile properties is related to the use of the
PVAc compatibilizer, which is highly hydrophilic that can establish interactions with both hydroxyl
groups (–OH) contained in PLA (end chains) and HNTs surface, thus leading to good embedding of
the HNTs into the PLA matrix with a positive effect on mechanical performance. Pracella et al. [77]
reported the interesting compatibilizing effect of poly(vinyl acetate), PVAc to enhance compatibilization
in PLA/cellulose nanocrystals, as it provides increased adhesion between these two components.

Table 2. Mechanical properties of PLA/HNTs composites obtained from tensile tests (tensile
modulus—Et, tensile strength—σt and elongation at break—%εb), flexural tests (flexural modulus—Ef

and flexural strength—σf), hardness (Shore D) and impact (impact strength from the Charpy test).

Code

Tensile Flexural

Shore D
Hardness

Impact
Strength
(kJ m−2)

Modulus,
Et (MPa)

Strength,
σt (MPa)

Elongation
at Break

(εb%)

Modulus,
Ef (MPa)

Strength,
σf (MPa)

PLA 2086 ± 82 64.6 ± 1.6 6.1 ± 0.8 3570 ± 39 116.1 ± 2.1 81.7 ± 1.0 1.46 ± 0.5

PLA-3HNT 2097 ± 73 59.2 ± 2.6 3.7 ± 0.5 3701 ± 100 105.5 ± 3.9 81.0 ± 2.0 1.18 ± 0.2
PLA-6HNT 2160 ± 78 58.7 ± 0.7 3.9 ± 0.1 3918 ± 252 110.4 ± 3.4 82.0 ± 2.0 1.03 ± 0.2
PLA-9HNT 2311 ± 132 57.7 ± 2.4 3.3 ± 0.2 3927 ± 128 107.6 ± 6.8 83.2 ± 2.7 0.71 ± 0.2

With regard to flexural properties, the behavior of PLA-HNT composites followed the same
tendency observed for tensile tests. All the herein developed composites with PLA and HNTs show
increased flexural modulus (Ef) compared to neat PLA. It is worthy to remark that PLA composites with
9 wt% HNTs offered a Ef value of 3927 MPa, which was noticeably higher than neat PLA (3570 MPa).
As the above-mentioned, addition of HNTs provided increased structural stiffness on PLA polymer
chains [75,76,78]. On the contrary, the flexural strength (σf) decreased with increasing HNT content.
At this point it is worthy to remark that deformation and strength were highly sensitive to material
cohesion. Although some HNTs-PLA interactions are expected, presence of HNTs aggregates breaks
cohesion and this has a negative effect on both properties in tensile or flexural conditions. Therefore,
the flexural strength (sf) of neat was 116 MPa while this was reduced down to values of 107 MPa for
PLA composites containing 9 wt % HNTs (around 7.7% decrease). Although it has been reported the
reinforcing properties of HNTs on a PLA matrix, Therias et al. [68] have reported a slight decrease
(almost negligible) of tensile strength with increasing HNTs content (up to 12 wt %), the most noticeable
effect is an increase in stiffness. It is important to remark that the modulus represents the stress
to strain ratio in the linear region of a tensile or flexural diagram. As the tensile strength remains
with high values and elongation at break is remarkably reduced, then this ratio increases. Therefore,
the tensile and flexural moduli increase with increasing HNTs content. In contrast, Chen et al. [79] have
reported alternating values of tensile strength (increase and decrease) with different HNTs loading,
but, in general, the stiffness is always increased with HNTs loading. It is worthy to remark the work
by Guo et al. [80]. In their work they report the effect of pristine HNTs and alkali-modified HNTs.
The show a decrease in tensile strength and elongation at break by increasing the loading of pristine
HNTs but, in contrast, alkali-modified HNTs contribute to an increase in tensile strength, which is
attributed to improved PLA/HNTs interactions due to the alkali treatment, which enhances more
available hydroxyl groups in the outer surface.

Table 2 also summarizes Shore D hardness values for all composites, compared with neat PLA.
All values were close to 82 and there was a very slight increase with the presence of HNTs. Nevertheless,
this slight change was included in the deviation itself and, therefore, it was not possible to conclude a
clear tendency.
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Table 2 also includes the impact strength values obtained from the Charpy test. As expected,
addition of HNTs provided an embrittlement effect as indicated by the modulus (in both tensile and
flexural conditions). This embrittlement was also evident from the impact strength values. Neat PLA
offered an impact strength of 1.46 kJ m−2 and this was reduced down to values close to half (0.71 kJ
m−2) in composites with 9 wt% HNTs. Impact strength was also related to material cohesion and,
as indicated previously, presence of HNTs aggregates led to poor material cohesion and this had a
negative effect on both resistance (maximum stress that the material can withstand) and deformation,
both parameters playing a key role in impact strength. The embedded HNTs particles acted as starting
points for crack initiation and growth thus leading to a clear embrittlement, which can be observed by
morphology analysis.

The morphologies of the fractured samples after impact tests are gathered in Figure 3 at different
magnifications. Neat PLA (Figure 3a,b) showed a typical brittle fracture surface, with low roughness
and a smooth fracture surface. As the HNTs loading increased, it was possible to detect an increase
roughness, which was attributed to the presence of HNTs. HNTs promoted an embrittlement against
impact, which favored crack formation and growth. This is because HNTs are highly hydrophilic and
do not establish strong interactions with PLA matrix. At higher magnification (5000×) it was possible
to see a fine particle dispersion of HNTs embedded into the PLA polymer matrix (Figure 3d,f,h). It
is possible to observe the presence of HNTs aggregates as well as some individual HNTs embedded
in the PLA matrix. As the HNTs content increased the density of these aggregates/individual HNTs
increased. Although it seems these particles were fully embedded into the PLA matrix, there was poor
interaction between them and the surrounding matrix even with the presence of PVA compatibilizer.
This phenomenon provided poor material cohesion and, therefore, stress concentration phenomena
could take place. Some research works indicate that HNTs usually give good particle dispersion
due to the tubular structure if HNTs, which is responsible for a weakening of nanotube–nanotube
interactions. In addition, weak interactions can be obtained between the PLA matrix and the embedded
HNTs particles by hydrogen bonds between the carbonyl groups in PLA and the hydroxyl groups in
halloysite [81,82].

Magnified FESEM images taken at 10,000× (Figure 4) showed in a clearer way, the presence of
these aggregates and individual HNTs.

As it can be seen in Figure 4a, good HNT dispersion is achieved for this relatively low HNT loading
of 3 wt%. Individual HNTs can be detected as well as some aggregates (in de upper-right side). This
aggregate formation is also detectable in PLA/HNTs composites containing 6 wt% HNTs (Figure 4b)
located at the left side; nevertheless, the presence of individual well-dispersed HNTs can also be
observed. Finally, Figure 4c shows the fracture surface corresponding to the PLA/HNT composite
with 9 wt% HNTs. It is clearly detectable the presence of larger aggregates and some individual
HNTs embedded in the PLA matrix. To check this dispersion Figure 5 gathers the FESEM image of a
PLA/HNT composite (9 wt% HNT) and their corresponding energy-dispersive X-ray spectroscopy
mapping images for oxygen carbon (C Kα1_2), aluminum (Al Kα1; O Kα1) and silicon (Si Kα1). As the
above-mentioned, HNTs are aluminosilicate structures and, therefore, the presence of Al2O3 (Al Kα1)
and SiO2 (Si Kα1 and O Kα1) was evidenced by the EDX analysis. In addition, these elements mapping
suggest the presence of HNTs aggregates as the size was of 2.5 × 5 μm2 (see upper-left side of O Kα1,
Al Kα1 and Si Kα1 EDX mapping images), as well as some individual points related to individual
HNTs as observed by the FESEM analysis.
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Figure 3. Field emission scanning electron microscopy (FESEM) images at different magnifications
(2500×: left column; 5000×: right column) of fractured samples from impact tests corresponding to
PLA-HNT composites with different HNTs loading. (a,b) neat PLA, (c) and (d) 3 wt% HNTs, (e) and (f)
6 wt% HNTs and (g) and (h) 9 wt% HNTs.
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Figure 4. Field emission scanning electron microscopy (FESEM) images at 10,000× of fractured samples
from impact tests corresponding to PLA-HNT composites with different HNTs loading. (a) 3 wt%
HNTs, (b) 6 wt% HNTs and (c) 9 wt% HNTs.
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Figure 5. Field emission scanning electron microscopy (FESEM) image of a PLA/HNT composite with
9 wt% HNTs at 5000× and EDX mapping corresponding to carbon (C Kα1_2), aluminum (Al Kα1),
oxygen (O Kα1) and silicon (Si Kα1).

3.2. Influence of HNTs Content on Thermal Behaviour of PLA/HNTs Biocomposites

The effect of HNTs on thermal properties was assessed by differential scanning calorimetry (DSC).
Figure 6 and Table 3 gathers the main parameters from DSC analysis for neat PLA and PLA-HNTs
composites with increasing HNTs loading. With regard to the glass transition temperature (Tg),
the addition of HNTs did not provide any remarkable change in this parameter, which indicates
poor HNTs-PLA interactions. In fact, the Tg values remained almost constant with values around
64 ◦C. Regarding the cold crystallization process, it is possible to observe a slight decrease in the
cold crystallization peak temperatures (Tcc) as observed by Prashanta et al. [74]. This is directly
related to the nucleant effect that HNTs can exert in PLA chains, thus allowing PLA chains to fold in a
packed way to form crystallites. The melt peak temperature (Tm) was not affected by the presence of
whatever loading of HNTs, remaining at values of about 172–173 ◦C. Regarding the degradation onset
temperatures (Td), no clear effect of HNTs could be detected as all values were comprised between
322 and 327 ◦C [83]. With the obtained values of the melt and cold crystallization enthalpies (ΔHm

105



Polymers 2019, 11, 1314

and ΔHcc) respectively, the percentage degree of crystallinity (%χc) was calculated and it is shown in
Table 3. As observed by Murariu et al. [84], addition of halloysite provides slightly lower crystallinity
values. Table 3 shows two different crystallinity values, one is %χc_s, which represents the degree of
crystallinity of the injection molded sample without any removal of the thermal history (this takes into
account the difference between the melt and cold crystallization enthalpies) and a second %χc_max,
which stands for the maximum crystallinity PLA can reach in these composites (this only considers the
melt enthalpy). As it can be seen, this maximum crystallinity followed the same tendency, it means,
a decrease with increasing HNT loading. This could be related to formation of less perfect crystals
due to the presence of HNTs as reported by Chen et al. [79] with similar crystallinities for neat PLA
of about 37% and lower values of 33–34% for a HNT loading of 10–15%. They also reported a clear
decrease in the cold crystallization process as observed in this work, while very slight changes were
observed for the glass transition temperature, Tg, in accordance to the results in this research.

 

Figure 6. Comparative plot of the differential scanning calorimetry (DSC) thermograms corresponding
to PLA-HNT composites with different HNTs loading.

Table 3. Main thermal parameters of PLA-HNT composites with different HNTs loading obtained by
differential scanning calorimetry (DSC) analysis.

Code
Tg

(◦C)
Tcc

(◦C)
ΔHcc

(J g−1)
Tm

(◦C)
ΔHm

(J g−1)
Td

(◦C)
χc_s *

(%)
χc_max **

(%)

PLA 64.2 ± 3.2 112.4 ± 7.9 25.1 ± 2.6 172.6 ± 13.8 −33.7 ± 0.6 326.2 ± 6.9 9.2 ± 0.2 36.0 ± 0.8
PLA-3HNT 64.0 ± 2.7 109.6 ± 6.7 24.8 ± 3.1 172.6 ± 12.0 −32.3 ± 1.2 321.0 ± 18.5 8.2 ± 0.3 35.6 ± 1.1
PLA-6HNT 64.6 ± 4.5 106.2 ± 10.8 23.4 ± 1.2 174.0 ± 12.8 −29.2 ± 1.8 323.0 ± 23.7 6.6 ± 0.2 33.4 ± 0.9
PLA-9HNT 64.6 ± 4.0 105.4 ± 4.5 22.7 ± 2.6 171.6 ± 6.0 −28.6 ± 0.7 327.1 ± 20.4 6.9 ± 0.2 33.8 ± 1.0

* χc_s represents the crystallinity of the injection-molded materials without removing the thermal history. ** χc_max
stands for the maximum crystallinity that can be obtained in PLA/HNT composites.

In addition to DSC characterization, the dimensional stability was assessed by thermomechanical
analysis (TMA) through determining the coefficient of linear thermal expansion (CLTE) below and
above the glass transition temperature (Tg). Obviously, the CLTE was much lower at temperatures
below the Tg compared to temperatures above Tg. This is due to the glassy behavior of the material
below the Tg, as expected. On the contrary, above Tg the material becomes more plastic and this allows
higher expansion. Nevertheless, the effect of HNTs on overall CLTE can be neglected as all the CLTE
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values for neat PLA and all its composites with HNTs changed in a very narrow range comprised
between 76.1 and 78.7 μm m−1 ◦C−1. This identical tendency can be observed for the CLTE above the
Tg with values comprised in the 130.5–133.7 μm m−1 ◦C−1 range. It has been reported the positive
effect of HNTs on dimensional stability of [85] polyimide (PI) composites up 40–50 wt% loading of
HNTs and polyamic acid (PAA). This high loading contributes to lowering the CLTE of polyimide (PI)
films to be compatible with most metals, thus leading to polymer matrix composites with application
as film capacitors. The obtained results in the present work suggest a slight improvement on the
dimensional stability but it is not highly pronounced due to the relatively low HNTs loading compared
to other works.

Dynamic-mechanical thermal analysis (DMTA) is very helpful to assess the effect of HNTs on
both thermal and mechanical properties. Figure 7 shows the plot evolution of the storage modulus (G′;
Figure 5a) and the dynamic damping factor (tan δ; Figure 7b). Regarding to neat PLA, its characteristic
DMTA curve gave interesting information. Below 50 ◦C, G′ remained almost constant and in the
temperature, range comprised between 55–70 ◦C, a threefold decrease could be detected. This dramatic
decrease in the storage modulus, G′ was directly related to the temperature range in which the glass
transition occurs. Another important process that could be observed by DMTA in neat PLA was the
cold crystallization process. Crystallization is related to the formation of a packed-ordered structure,
which involves an increase in the storage modulus, G′. Therefore, as we can see, G′ increased in the
temperature range of 80–100 ◦C. Regarding the effect of HNTs on DMTA behaviour, it is possible to see
that all PLA-HNTs DMTA curves showed the same shape of that of neat PLA but with slight changes.
On one hand, all G′ curves were shifted to higher values thus indicating an increase in the storage
modulus, G′ which is directly related to the tensile and flexural modulus as described previously.
Similar findings have been reported by Prashanta et al. [74]. Regarding the glass transition process,
it seems that all curves were overlapped, which indicates slight or no changes in Tg as observed by
DSC. On the other hand, regarding the cold crystallization process, DSC revealed a decrease in the
peak temperature, and this is in total agreement with the DMTA curves of neat PLA and PLA-HNTs
composites. It is possible to see in Figure 7a that the characteristic curves were moved to lower
temperatures as the HNTs content increased. On the other hand, Figure 7b shows the evolution of the
dynamic damping factor (tan δ) with the temperature. Despite that there are several methods to obtain
the Tg from the DMTA analysis, one of the most accepted methods considers Tg as the peak maximum
of the dynamic damping factor. The peak was located at 65 ◦C, which is in total agreement with the
values obtained by DSC and there were no detectable changes in Tg. It is possible to find a correlation
with the maximum values of the dynamic damping factor with increasing HNTs loading since tan δ

represents the ratio between the loss modulus (G”) and the storage modulus (G′). As indicated, G′
increased with HNTs loading and as it is in the denominator of the dynamic damping factor, it led
to a decrease in tan δ as it can be observed in Figure 4b. Table 4 shows a summary of some DMTA
parameters taken at different temperatures, so that one can see in a clear way how the storage modulus
of the samples behaved at different temperatures.

Table 4. Summary of some dynamic mechanical thermal properties of PLA-HNTs composites with
different HNTs loading obtained by DMTA.

Code G′ at 30 °C G′ at 50 °C G′ at 80 °C G′ at 120 °C Max tan δ

PLA 1599 1455 2.10 95.26 2.621
PLA-3 HNT 1678 1549 2.24 102.5 2.582
PLA-6 HNT 1731 1650 2.31 109.1 2.543
PLA-9 HNT 1843 1756 2.70 123.7 2.382
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Figure 7. Plot evolution of the dynamic mechanical thermal properties (DMTA) for PLA-HNTs
composites with different HNTs loading (a) storage modulus, G′ and (b) dynamic damping factor, tan δ.

3.3. Study of the Water Uptake of PLA/HNTs Biocomposites

The evolution of the water uptake of PLA-HNTs composites is shown in Figure 8. As it can be
seen, there was an increase in the absorbed water as a function of the immersion time and followed
the typical Fick′s Law. An initial stage with high slope related to water absorption (Δmass) could be
seen. In a second stage this increase was less pronounced and finally, a stationary mass was obtained
(equilibrium water uptake), denoted as (Δmass∞).

 

Figure 8. Evolution of the water uptake process in PLA-HNTs composites with different HNTs loading.

The lowest water uptake values were observed for neat PLA with a saturation water content
of 0.95% reached after 91 days. Halloysite nanotubes are highly hydrophilic materials due to the
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aluminosilicate structure and, consequently, as the HNTs loading increases, the saturation water
increases as observed by Russo et al. [73]. In particular, the saturation for the PLA composite with
3 wt% HNTs was 1.31% while this was still higher for the composite containing 9 wt% HNTs (1.67%).
The hydrophilic nature of HNTs was responsible for this increase. HNTs offer a high surface area with
a high number of hydroxyl groups that contribute to the water uptake rate and equilibrium water.
Therefore, as the HNTs loading increases, the Δmass∞ also increases.

3.4. Disintegration in Controlled Compost Soil of PLA/HNTs Biocomposites

The weight loss of PLA-HNTs composites during the biodegradation (disintegration in controlled
compost soil) is shown in Figure 9. All materials showed an incubation time of about nine days
in which very slight weight changes took place. Above this induction time, all materials started a
slow weight loss of up to 30 days and above this, the disintegration rate increased. Disintegration of
PLA and other aliphatic polyesters was directly related to hydrolytic degradation of the ester groups;
for this reason, it is necessary to maintain a relative humidity of 55% at a moderate temperature of
58 ± 2 ◦C to speed up the process. Neat PLA is the one with the highest disintegration rate as reported
in literature [86,87]. After 35 days the weight loss was close to 30% and a 90% weight loss was achieved
after 49 days. Above 49 days, PLA was fully disintegrated, and it was not possible to recover any piece
to weight it. The presence of HNTs delayed the disintegration process. At 48 days, neat PLA was fully
disintegrated while all PLA-HNTs composites showed a weight loss of about 80%. The overall effect
of HNTs on the disintegration was a delay in the rate and lower weight loss after the same period
compared to neat PLA as halloysite did not degrade due to its inorganic nature.

 

Figure 9. Follow up of the disintegration process in controlled compost soil of PLA-HNTs composites
with different HNTs loading.

Figure 10 gathers some optical images of the disintegration process of neat PLA and PLA-HNTs
composites with varying HNTs loading. Above two weeks, it was possible to appreciate a clear
change in surface in almost all materials, which is representative of embrittlement (crack formation
and growth), as Aguero et al. [88] reported, during the first two and three weeks, neat PLA is in the
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induction period. After four weeks all materials show some disintegration level. Neat PLA shows
a less fragmented structure at this time. As it has been detected previously with the weight loss,
presence of HNTs delay the disintegration process. After six weeks, the consistency of all materials
has been lost and there is not a clear effect of the HNTs content, Paul et al. [89] have investigated the
effect of organo-nanomodifiers in PLA blends in which it can be seen that they tend to degrade faster
than neat PLA, but it is expectable that the final weight loss is directly related to the HNT content as
this inorganic component does not degrade in these conditions, unlike this, in other researches [68],
halloysite nanotubes have an effect that promotes degradation in photooxidation media.

 

Figure 10. Optical images of the disintegration in controlled compost soil of PLA-HNT composites
with different HNTs loading.

4. Conclusions

This work assessed the technical viability of PLA composites with different halloysite nanotubes
content (HNTs) for further uses. In particular, this work focused on the effect of HNTs loading (in the
3–9 wt% range) on mechanical, thermal, thermomechanical and disintegration properties of PLA-HNT
composites. In general, the mechanical properties were slightly lower than those of neat PLA but the
decrease in tensile or flexural strength was less than 7%, which was a positive effect. On the contrary,
the elongation at break was reduced to a half with the presence of HNTs. Nevertheless, it is worthy to
note that PLA itself was extremely brittle. With regard to thermal properties, presence of HNTs led
to lowering the cold crystallization process but the glass transition temperature (Tg) did not change.
Identical behavior was obtained with differential scanning calorimetry (DSC) and dynamic-mechanical
thermal analysis (DMTA) thus showing the consistency of the obtained results. Regarding the water
uptake, the presence of highly hydrophilic HNTs contributes to increased water uptake (which is a
negative effect on most industrial applications, but could be a positive effect on medical applications).
Finally, the disintegration at PLA with HNTs was slightly delayed but, in general, all composites were
almost disintegrated in a reasonable time. This work opens new possibilities to these composites for
further applications in medicine as the overall properties are maintained and HNTs could be used as
carriers for controlled drug delivery.
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Abstract: Nowadays, fibrous polyester materials are becoming one of the most important alternatives
for controlling reverberation time by absorbing unwanted sound energy in the automobile and
construction fields. Thus, it is worthy and meaningful to characterize their acoustic behavior. To do so,
non-acoustic parameters, such as tortuosity, viscous and thermal characteristic lengths and thermal
permeability, must be determined. Representative panels of polyester fibrous material manufactured
by perpendicular laying technology are thus tested via the Bayesian reconstruction procedure.
The estimated porosity and airflow resistivity are found in good agreement with those tested via
direct measurements. In addition, the homogeneity of polyester fibrous panels was characterized
by investigating the mean relative differences of inferred non-acoustic parameters from the direct
and reverse orientation measurements. Some parameters, such as tortuosity, porosity and airflow
resistivity, exhibit very low relative differences. It is found that most of the panels can be assumed
homogeneous along with the panel thickness, the slight inhomogeneity mostly affecting the thermal
characteristic length.

Keywords: Bayesian reconstruction; homogeneity; porous materials; fibrous polyester materials

1. Introduction

It has been demonstrated that polyester fibrous material is a good alternative to conventional
sound absorbing material [1]. In textile industry, polyester fiber assemblies are in the form of woven,
knitted and nonwoven structures. The woven structure fibrous material is made by using two or more
sets of yarn interlaced to each other. Woven structure is generally more durable in comparison with
knitted and nonwoven structures. However, woven structure is not widely used in noise treatment at
low frequency range due to its relatively small thickness. The sound absorption of polyester woven
structure determined by impedance tube and reverberant field method has been reported [2]. The single
layer woven structure with a small thickness (i.e., 2.16–2.41 mm) exhibits poor sound absorption at
low frequency range. Knitted structures are made of interlocking loops by using one or more yarns.
Spacer fabrics, a special type of knitted structure, attracted great attention for sound absorption because
of their thick structure possibility and designable appearances [3,4].
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Unlike woven and knitted structures, nonwoven structure fibrous material has more advantages
as a sound absorbing material, such as high porosity, economical price, light weight, recyclability,
good elasticity and a large thickness range. Thus, nonwoven structure is more widely used for different
noise reduction requirements. Nonwoven structure is produced in three stages: web formation,
web bonding and finishing. Drylaid (i.e., carded, airlaid), wet-laid, spunmelt are the main technologies
for web formation. Web bonding can be achieved through mechanical, thermal and chemical methods.
The finishing aims to improve the outward appearance and the quality of the fibrous structure.
Finishing methods are various according to different required specific properties. Nonwovens have an
important role in sound absorption within the automotive, construction and a variety of industrial
uses [5]. Nonwoven structure and its combination with other materials (such as woven structure,
polyurethane foam, polypropylene foam, etc.) are used in seating area, headliners, side panels, carpets,
trunks, bonnet liners for interior vehicle noise control [6]. Nonwoven structure material coupled with
a hard wall can significantly reduce noise transmission and reduce the reverberation by improving the
sound absorption [7,8].

The polyester nonwoven structure used in noise reduction is normally in the form of panel.
The acoustic properties of polyester nonwoven panels have been well studied [9–11]. Kino et al.
investigated the effect of various cross-sectional shapes polyester nonwoven structure on the acoustic
and non-acoustic properties [10]. They concluded that cross-sectional shape has a slight effect
on sound absorption, while there is a significant effect on the airflow resistivity, the thermal and
viscous characteristic lengths. The accuracy of several prediction models for polyester materials
was investigated by Garai and Pompoli, they recommended a new model to predict the acoustic
characteristics of polyester fibrous materials [12].

Investigation of the homogeneity of an acoustic absorber can facilitate optimization of acoustic
properties in practical applications. For instance, an absorber which is inhomogeneous in thickness
direction will usually exhibit different acoustic performance at direct and reverse orientations. However,
very few research studied characterization of the homogeneity of porous materials. In one paper,
researchers applied X-ray computerized tomography (CT) to characterize the homogeneity of prebaked
anode by analyzing the distribution of coke, pitch and porosity throughout the anodes as well as the
variations in binder matrix thickness [13].

High-loft nonwoven panel is known to have useful acoustic properties [14]. Although some studies
related to the acoustic properties of this material can be found in the literature [14,15], there is a lack of
research on recovered non-acoustic parameters via inverse method for this type of material. Moreover,
there are only a few publications focusing on characterization of the homogeneity of nonwoven
panels. This paper presents an investigation of estimating non-acoustic parameters of polyester
high-loft nonwoven panel via Bayesian reconstruction procedure. In addition, the homogeneity of
polyester panels has been numerically assessed by comparing the results from panels’ direct and
reverse orientations.

2. Experiment

2.1. Materials

The polyester fibrous panels (Technical University of Liberec, Liberec, Czech Republic) are
composed of 45 wt.% staple polyester, 30 wt.% hollow polyester and 25 wt.% bicomponent polyester.
Low-melting polyester fiber consists of the sheath part of bicomponent fiber which is used to thermally
bond the fiber structure. The cross-sectional images of three types of polyester fibers are shown in
Figure 1. A microscope was used to measure fiber diameter, and fifty fibers were measured for each
type of fiber to obtain an accurate average value. The mean diameters of the staple, hollow and
bicomponent fibers are 13.19, 24.45 and 17.94 μm, respectively.
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(a) (b) (c)
Figure 1. Cross-sectional images of fibers. (a) Staple fiber; (b) hollow fiber; (c) bicomponent fiber [9].

Polyester fibrous panel samples were produced by perpendicular laying technology which consists
of carded and thermal bonding procedures (see Figure 2) [16,17]. The carded web, consisting of a
proportion of bicomponent polyester fibers in the blend, is fed onto the conveyor belt. The reciprocating
forming comb and pressure bar are two main working elements used to create vertical folds. The forming
comb strokes the lower part of the carded web and pushes the carded web to form a vertical fold.
The reciprocating pressure bar moves the folded web along with the wire guide and the conveyor
belt to the batt layer. With the movement of the pressure bar, the needles placed on the pressure
bar penetrate the folded web and strengthens the folds, which improves the vertical orientation of
the fibers in the nonwoven structure. The web is subsequently stabilized by melting the bonding
fibers present in the fiber blend when it passes through the through-air bonding chamber. Thereafter,
the nonwoven fabric is cooled. Panel thickness is controllable by setting the distance between the grid
and conveyor as well as the dimension of the pressure bar. Panel density is adjusted via the velocity
of the conveyor belt. By selecting proper fiber blend and adjusting the lapping device, various end
products providing high absorption and insulation performance to meet a variety of applications could
be achieved. An example of so manufactured polyester fibrous panel is illustrated in Figure 3.

Figure 2. Sketch of perpendicular laying technology [17].
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(a) (b)

(c) (d)

Figure 3. Example of manufactured polyester fibrous panel. Images are taken from different directions:
(a,b) top view, and (c,d) side view.

2.2. Direct Characterization

Some non-acoustic parameters, such as thickness, porosity and airflow resistivity, can be easily
determined according to ASTM D1777-96, ASTM C830-00 and ISO 9053–1, respectively [18–20].
The micro-CT (micro computed tomography), SEM (scanning electron microscope) and length weighted
methods can be applied to determine fiber mean diameter [21,22]. The tomographic reconstruction
method used to measure tortuosity of porous materials has been reported in 2009 [23].

Fiber diameter, thickness, porosity and airflow resistivity were directly measured in this study.
The characteristics of the polyester fibrous panel specimens are listed in Table 1. An Alambeta device
(SENSORA, Liberec, Czech Republic) was used to determine the panel thicknesses. Sample porosities
were determined according to ASTM C830-00 [18]. In this standard, the porosity was determined as
φ = 1 − ρ/ρ f , where ρ is the fabric bulk density and ρ f is the fiber density which is 1141.82 kg/m3.
The density of three types of fibers was measured by liquid pycnometry technique [24]. Closed pores
have less or no effect on airflow resistivity and sound absorption compared to open pores [25]. As a
consequence, the voids in hollow fibers were not included in the analysis.
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Table 1. Characteristics of polyester materials.

Samples Porosity (%)
Bulk Density

(kg/m3)
Thickness (mm)

Airflow
Resistivity
(Pa·s/m2)

Sample 1 98.52 16.93 27.48 4108 ± 199
Sample 2 98.29 19.49 23.87 5357 ± 217
Sample 3 98.03 22.49 20.69 7029 ± 356
Sample 4 97.94 23.54 20.32 7498 ± 333
Sample 5 97.86 24.45 20.76 7319 ± 243
Sample 6 97.85 24.54 19.49 10,978 ± 329
Sample 7 97.66 26.71 19.00 7530 ± 408
Sample 8 97.59 27.54 18.43 9829 ± 376
Sample 9 97.58 27.61 16.85 10,181 ± 259
Sample 10 97.29 30.94 15.46 13,397 ± 329
Sample 11 96.94 34.95 13.31 12,868 ± 199
Sample 12 96.89 35.56 14.27 14,989 ± 285
Sample 13 96.86 35.87 14.15 15,414 ± 167
Sample 14 96.59 38.98 12.27 19,751 ± 442
Sample 15 96.09 44.60 10.43 20,474 ± 687
Sample 16 96.01 45.56 11.14 19,733 ± 688

The 100 mm diameter circular specimens were punched by an Elektronische Stanzmaschine Type
208 machine for the standard airflow resistivity test. The airflow resistivity of samples was measured
on AFD300 AcoustiFlow device (Gesellschaft für Akustikforschung Dresden mbH, Dresden, Germany)
according to ISO 9053:1991 [20]. Ten samples were measured for each polyester nonwoven panel.
Normally, the decrease of porosity results in the increase of airflow resistivity for the samples made by
the same fiber content and manufacturing technology. While the airflow resistivity exhibits a drop in
Samples 7–9, the phenomenon can be attributed to the slightly different manufacturing technology for
these three samples compared to other samples.

2.3. Acoustic Characterization

The acoustic properties of the materials can be directly evaluated via reverberant chamber
measurements, steady-state measurements and impedance tube measurements. Moreover,
acoustic methods can be used to characterize the morphologic characterizations of reticulated foams,
fibrous materials, granular materials and sandy soils [26].

2.3.1. Impedance Tube Measurement

A four-microphone impedance tube was applied to carry out the measurements to recover the
reflection R and transmission T coefficients. Then, the dynamic density ρ̃eq and dynamic bulk modulus
K̃eq can be easily recovered [27–29].

Figure 4 illustrates the 30 mm impedance tube used for this study. It consists of two 1/4 in.
G.R.A.S. microphones flush mounted on both sides of the test sample and the tube ends with an
anechoic termination. The distances between microphone positions and the sample front surface are 50,
30, 150 and 170 mm, respectively. The excitation signal was a logarithmic swept sine, over the frequency
range of 800–5500 Hz. To achieve accurate results, the microphones were calibrated, and phase matched
with each other [27].
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Figure 4. Four-microphone impedance tube configurations.

2.3.2. The Johnson-Champoux-Allard-Lafarge Model

In the Johnson-Champoux-Allard-Lafarge (JCAL) model, the equivalent dynamic density is
associated with the viscous losses and the equivalent dynamic bulk modulus with the thermal
losses [27]. The dynamic density of porous media was first proposed by Johnson et al. in 1987 [30].
Champoux, Allard and Lafarge et al. then modified the dynamic bulk modulus of porous media [31,32].

If saturating fluid is air, the JCAL model assumes the porous media are rigid and motionless at
the frequency over the phase decoupling frequency. In the model, the equivalent dynamic density is
described as:

ρ̃eq =
ρ0

φ
α̃(ω) (1)

where α̃(ω) is the dynamic tortuosity, given by:

α̃(ω) = α∞ +
jv
ω

φ

k0

√
1 − jω

v

(
2α∞k0

φΛ

)2
(2)

where ρ0 is the density of the saturating fluid, φ is the open porosity, α∞ is the dynamic tortuosity, j is
the complex number, v = η/ρ0 is the kinematic viscosity, where η is the dynamic viscosity, ω = 2π f is
the angular frequency, k0 = η/σ is the static viscous permeability, where σ is the airflow resistivity,
and Λ is the viscous characteristic length [30].

The dynamic bulk modulus is described as:

K̃eq =
γP0

φ

(
γ − γ − 1

α̃′(ω)

) − 1

(3)

where α̃′(ω) is the thermal tortuosity, given by

α̃′(ω) = 1 +
jv′
ω

φ

k′0

√
1 − jω

v′

( 2k′0
φΛ′
)2

(4)

where v′ = v
Pr , where Pr is the Prandtl number, k′0 is the static thermal permeability, Λ′ is the thermal

characteristic length [31,32].

2.3.3. The Inversion Procedure

Inverse characterization methods are becoming more popular since they are able to simultaneously
reckon several parameters [27]. The comparison between inferred porosity, airflow resistivity and
characteristic lengths of porous materials using a commercial inversion software (i.e., FOAM-X) and
those obtained from ultrasonic measurements, Bies-Allard and Kino-Allard models was studied in
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2012 [33]. The deterministic inverse methods normally fit the measurements and predictions through
models, then find the parameter that best describes the material. The Bayesian approach was applied
to carry out the inversion procedure in this paper. Bayesian approach can inversely determine some
physical parameters of porous materials from the impedance tube measurement [34]. The unknown
parameters are assumed as random variables distributed according to a probability distribution in
the Bayesian approach. This distribution is based on the existing knowledge or experience about the
parameter values. However, for many of the non-acoustic parameters, it is possible to specify lower
and upper bounds. Therefore, the prior parameter distribution can be defined. Posterior to collecting
data, the parameter distribution is given by Bayes’ theorem. The posterior parameter distribution
depends both on the prior distribution and on the measurements. Thus, this distribution contains all
the available information about the parameters. By using the optimization method, good estimation of
parameters can be obtained. One optimization technique called Markov chain Monte Carlo (MCMC)
has been well applied to solve the problem of non-acoustic parameters estimation. Not only the
probability density function (pdf) of each parameter, but also the joint probability density functions of
the parameters can be retrieved according to the Bayesian approach in conjunction with MCMC [35].

2.4. Homogeneity Assessment

A homogeneous material has the same properties everywhere, i.e., uniform without irregularities.
Some macroscopic pore structure parameters (e.g., permeability or porosity) can be used to verify the
homogeneity of porous media [36]. However, homogeneity strongly depends on the selected sample size.
At the initial increase of sample size, those parameters vary with the sample size and exhibit random
fluctuations. As the sample size increases, the amplitude of the fluctuations gradually diminishes.
The values of the pore structure parameters remain stable once a certain sample size is reached.
Dullien [36] stated that when the structure parameters of a porous material maintain close values to
the increasing sample size, the media is said to be macroscopically, or statistically, homogeneous.

As stated above, researchers characterized the homogeneity of prebaked anodes by analyzing
the distribution of pores and different types of particles based on X-ray computerized tomography
and image analysis [13]. However, the first step, i.e., computerized tomography on porous material,
is a time-consuming work. For instance, one cubic sample with 3 mm × 4 mm × 10 mm cube lengths
takes 6 to 8 h to accomplish the tomography. By contrast, the acoustic method is much more efficient.
The inferred non-acoustic parameters (e.g., porosity, tortuosity, airflow resistivity) can represent the
geometric structure in the polyester panels. Moreover, homogeneity in through-plane orientation
is more important than in-plane orientation since sound waves mainly propagate from surface to
inner structure. Thus, the homogeneity at thickness direction of polyester panels will be analyzed by
comparing the inferred non-acoustic parameters.

3. Results

In order to figure out the homogeneity of polyester panels, the measurements from both direct
and reverse orientations of samples have been carried out. The surface texture of front and back sides
is shown in Figure 5.
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(a) (b)

(c) (d)

Figure 5. The surface texture of polyester fibrous panel sample: (a,c) front side, and (b,d) back side.

In order to prepare specimens with proper radius, specimens are carefully cut by scissors.
A transparent plastic tube having the same radius as the impedance tube was adapted to ensure the
specimens fitting exactly into the tube’s cross-section. The samples are cautiously mounted in the
connecting tube in the middle of four microphones before testing. The surface of each specimen is at the
same level to the edge of the connecting tube. When changing the measurement direction, samples are
rotated to another direction to avoid displacement. The front surface orientated to the speaker was
referred to as direct orientation. The recovered parameters are listed in Table 2. Since airflow resistivity
was used more often compared to static viscous permeability and these two parameters can be
easily converted through the formula k0 = η/σ, only the airflow resistivity is presented in Table 2.
In addition, the values of the recovered porosity (φ), tortuosity (α∞), viscous characteristic length (Λ),
thermal characteristic length (Λ′) and static thermal permeability (k′0) are presented. The standard
deviations for each value are reported in brackets. The tortuosity of common fibrous absorbent
ranges from 1 to 1.06 [37]. As porosity approaches the value of 1, tortuosity reduces to the minimal
value of 1 [38]. Some existing empirical formula between porosity and tortuosity, α∞ = 1/

√
φ and

α∞ = 1 + (1 − φ)/2φ, can also explain this correlation [39,40]. The reconstructed tortuosity for all of
the samples is 1 with low standard deviation as shown in Table 2. Although the recovered porosities
seemingly display big differences compared to the directly measured values, the maximum relative
error of inferred porosity is less than 4%. It was considered that the results with an error less than 10%
are accurate enough for inverse analysis, as the value of porosity for a porous material can vary due
to several uncertainties during measurements. Thus, it can be concluded that the inferred porosity
is reasonable.
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Table 2. Inferred non-acoustic parameters of polyester panels.

Samples Orientations
φ

(%)
α∞

Λ

(μm)
Λ
′

(μm)

σ
(Pa·s/m2)

k
′
0

(10−9 m2)

Sample 1 Direct 99.8 (0.19) 1(0.0017) 184 (3.2) 354(30.8) 5225 6.98 (0.53)
Reverse 99.8 (0.18) 1(0.0017) 187 (4.0) 414(32.0) 5202 6.95 (0.50)

Sample 2 Direct 99.0 (0.86) 1 (0.0026) 146 (5.1) 333(71.0) 6527 4.56 (0.36)
Reverse 99.8 (0.19) 1 (0.0018) 153 (3.3) 239 (16.9) 6638 4.81 (0.28)

Sample 3 Direct 99.6 (0.30) 1 (0.0027) 123 (2.3) 241 (16.7) 8052 4.02 (0.24)
Reverse 99.6 (0.35) 1(0.0029) 127 (2.6) 231 (15.6) 8129 3.83 (0.21)

Sample 4 Direct 99.7 (0.27) 1 (0.0027) 110 (2.0) 649 (230.0) 9147 3.51 (0.15)
Reverse 99.7 (0.18) 1 (0.0016) 131 (2.2) 146 (7.7) 9538 2.98 (0.18)

Sample 5 Direct 99.8 (0.18) 1 (0.0016) 118 (1.8) 211 (13.7) 9650 4.27 (0.30)
Reverse 99.8 (0.17) 1(0.0012) 114 (1.5) 227 (12.2) 9641 4.64 (0.33)

Sample 6 Direct 98.9 (0.54) 1 (0.0035) 91 (1.8) 1025 (325.0) 10,754 4.07 (0.24)
Reverse 100 (0.03) 1 (0.0012) 124 (2.0) 125 (2.2) 11,576 3.41 (0.30)

Sample 7 Direct 99.8 (0.13) 1 (0.0011) 105 (1.6) 184 (13.5) 11,313 3.68 (0.18)
Reverse 99.8 (0.14) 1 (0.0014) 103 (1.4) 206 (12.9) 11,213 3.77 (0.23)

Sample 8 Direct 99.8 (0.18) 1 (0.0012) 98.7 (1.5) 219 (17.4) 12,283 3.97 (0.19)
Reverse 99.8 (0.15) 1 (0.0013) 101 (1.3) 204 (16.3) 12,259 4.07 (0.35)

Sample 9 Direct 97.0 (0.95) 1 (0.0024) 103 (3.4) 276 (44.4) 11,434 4.10 (0.31)
Reverse 99.8 (0.25) 1 (0.0022) 107 (1.8) 214 (15.3) 11,491 4.00 (0.21)

Sample 10 Direct 99.7 (0.24) 1 (0.0020) 76 (1.0) 259 (28.9) 14,528 3.13 (0.17)
Reverse 99.8 (0.12) 1 (0.0011) 94 (1.4) 104 (4.0) 14,935 2.19 (0.14)

Sample 11 Direct 99.7 (0.23) 1 (0.0018) 78 (0.9) 330 (38.3) 13,613 3.49 (0.18)
Reverse 99.8 (0.18) 1 (0.0012) 83 (1.0) 180 (8.9) 13,763 3.18 (0.15)

Sample 12 Direct 99.8 (0.13) 1 (0.0013) 76 (0.9) 383 (34) 14,535 4.03 (0.19)
Reverse 99.8 (0.14) 1 (0.0018) 87 (1.3) 159 (9.6) 15,004 3.58 (0.20)

Sample 13 Direct 99.8 (0.24) 1 (0.0011) 70 (0.9) 398 (45) 16,167 3.51 (0.14)
Reverse 99.8 (0.15) 1 (0.0020) 79 (1.0) 134 (7.6) 16,567 2.95 (1.77)

Sample 14 Direct 99.8 (0.16) 1 (0.0017) 68 (1.0) 246 (19.4) 17,734 3.24 (0.22)
Reverse 99.9 (0.08) 1 (0.0014) 85 (1.4) 86 (1.6) 18,205 1.89 (0.95)

Sample 15 Direct 98.3 (0.76) 1 (0.0041) 53 (1.1) 206 (21.9) 23,241 2.67 (0.18)
Reverse 99.8 (0.16) 1 (0.0016) 56 (0.81) 130 (6.9) 23,432 2.60 (0.14)

Sample 16 Direct 99.8 (0.14) 1 (0.0020) 66 (0.80) 143 (8.0) 20,712 2.43 (0.12)
Reverse 99.8 (0.14) 1(0.0017) 72 (1.2) 86 (4.1) 20,619 1.81 (0.09)

Figure 6 presents the comparison of some recovered non-acoustic parameters between two
orientations. It can be easily seen that, with an increase of density the viscous characteristic length
decreases, while the airflow resistivity increases. However, no clear trend can be found between
thermal characteristic length, thermal permeability and density. Moreover, the difference on viscous
characteristic length, airflow resistivity and thermal permeability are relatively small. It is obviously
found that the inferred thermal characteristic length yields a significant difference on the two
sides, especially for Samples 4 and 6 with densities of 23.54 kg/m3 and 24.54 kg/m3. In addition,
the standard deviation is extremely high. This phenomenon can be attributed to the following reasons:
interface difference on the two sides, complication on determination of thermal characteristic length
and small frequency range or large measurement uncertainty [27]. The front side of samples is
more even and continuous, while the back side is rough and uneven (see Figure 5). In addition,
slight inhomogeneity can significantly affect thermal characteristic length. Estimation of the thermal
characteristic length based on impedance measurement is very sensitive to boundary conditions. If the
sample radius does not properly fit the impedance tube’s radius, the sample can be compressed, or air
leakage existed between the sample and the tube. Consequently, erroneous values will occur because
of the modified sample microstructure or the influence of air leakage on the inversion procedure.

125



Polymers 2020, 12, 2098

(a) (b)

(c) (d)

Figure 6. Inferred non-acoustic parameters from direct and reverse orientations: (a) viscous
characteristic length Λ, (b) thermal characteristic length Λ′, (c) airflow resistivity σ, and (d) thermal
permeability k′0.

Since the values of inferred thermal characteristic length on the direct orientation are not reliable,
the inferred airflow resistivity on the reverse direction was chosen to compare with the measured
value in Figure 7. The correlation between the directly measured and recovered values is presented.
It can be seen that the regression line has slope value close to 1 and the coefficient of determination is
over 0.94. It can be further demonstrated that the recovering method can accurately estimate airflow
resistivity of polyester fibrous panel. The relative difference was defined as δ =

∣∣∣σmeas − σin f er
∣∣∣/σmeas,

where σmeas is the measured airflow resistivity and σin f er is the inferred value. The relative difference
exhibits the biggest value for Sample 7 with a value of 0.489. This phenomenon can be explained by
the small change that exists in manufacturing technology, as was stated above. The most accurate
inversion of airflow resistivity occurs on Sample 12 with the smallest δ which is 0.001. As seen in
Table 1, from Sample 1 to Sample 16 the density of the panels increases from 16.93 to 45.56 kg/m3.
It can be found that δ is relatively lower when the samples are denser. For instance, Samples 9–16 have
lower relative difference (e.g., <0.2). Meanwhile, among the low density panels (Samples 1–8) only two
samples reach this relative difference level. It can be concluded that the inversion method of airflow
resistivity is more accurate for denser polyester panel materials.
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(a) (b)
Figure 7. Comparison between measured and inferred airflow resistivity: (a) correlation between the
measured and inferred values, and (b) their relative difference.

To compare the inferred non-acoustic parameters from direct and reverse orientations, the mean
relative difference was calculated according to the following equation:

δ =
1
N

N∑
n=1

δn =
1
N

N∑
n=1

∣∣∣x f ,n − xb,n
∣∣∣

x f ,n
(5)

where δ is the mean relative difference, x f and xb are, respectively the inferred non-acoustic parameters
from direct and reverse orientations, and N is the total number of studied material specimens (N = 16).

The mean relative differences of inferred porosity (φ), tortuosity (α∞), viscous characteristic
length (Λ), thermal characteristic length (Λ′), airflow resistivity (σ) and thermal permeability (k′0) are
presented in Figure 8. The values of mean relative differences are demonstrated on the top of each bar.
It was assumed that the material is homogeneous when the physical parameters having variances less
than 0.05 [41]. The mean relative differences of tortuosity, porosity and airflow resistivity are much
smaller than the critical value. The differences of viscous characteristic length and thermal permeability
are 0.109 and 0.121, respectively. However, the inferred thermal characteristic length exhibits the
highest mean relative difference with the value of 0.397. Due to the sensitivity of estimating thermal
characteristic length, its inferred values are not recommended for assessing materials homogeneity.
Furthermore, tortuosity, porosity and airflow resistivity can well represent the pore size, fiber size
and their distributions. Thus, the polyester fibrous sample panel is nearly homogeneous or slightly
inhomogeneous at thickness direction. Moreover, the acoustic method can be an alternative approach
to characterize the homogeneity of porous material. It can be used not only in the thickness direction,
but also in arbitrary directions. Nevertheless, the size of the sample and the suitability of the JCAL
model for the porous material of interest should be considered.
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Figure 8. Mean relative differences of inferred non-acoustic parameters.

4. Conclusions

This work applied a Bayesian approach on polyester fibrous materials to inversely estimate
some non-acoustic parameters. Meanwhile, the homogeneity of polyester nonwoven panels was
assessed by comparing the inferred non-acoustic parameters from direct and reverse orientations.
The Johnson-Champoux-Allard-Lafarge model and Markov chain Monte Carlo optimization technique
were chosen to implement the Bayesian approach. Polyester samples with density ranging from
16.93–45.56 kg/m3 were selected in this study. Measurements of reflection coefficient and transmission
coefficient were carried out in a four-microphone impedance tube. The mean relative differences of
inferred parameters between two orientations were used to analyze the homogeneity. The results
indicated that the estimated porosity and tortuosity are reasonable. Moreover, other assessed
parameters have generally lower contrast and standard deviation by looking at the qualities from
two directions, while a sizable difference of thermal characteristic length was found. In addition,
the increase in density decreases estimates of viscous characteristic length and increases estimates of
airflow resistivity. While density does not show clear connections with thermal characteristic length
and thermal permeability. Measured airflow resistivity and inferred values are very close. The inverse
method can accurately estimate the non-acoustic parameters of denser polyester fibrous panel material
(i.e., density > 28 kg/m3). Slight inhomogeneity could significantly affect the determination of
thermal characteristic length. The mean relative differences of inferred tortuosity, porosity and
airflow resistivity are, respectively 0, 0.004 and 0.019 which means the polyester material is nearly
homogeneous. The applied acoustic method is an efficient way to characterize homogeneity of porous
materials by comparing with computerized tomography technology. Hence, the proposed Bayesian
inversion based on impedance tube measurement is valuable for the study on characterization of the
homogeneity of porous material.
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Abstract: Green composites made of polylactide (PLA) and short flaxseed fibers (FFs) at 20 wt %
were successfully compounded by twin-screw extrusion (TSE) and subsequently shaped into pieces
by injection molding. The linen waste derived FFs were subjected to an alkalization pretreatment
to remove impurities, improve the fiber surface quality, and make the fibers more hydrophobic.
The alkali-pretreated FFs successfully reinforced PLA, leading to green composite pieces with
higher mechanical strength. However, the pieces also showed lower ductility and toughness and
the lignocellulosic fibers easily detached during fracture due to the absence or low interfacial
adhesion with the biopolyester matrix. Therefore, four different compatibilization strategies
were carried out to enhance the fiber–matrix interfacial adhesion. These routes consisted on the
silanization of the alkalized FFs with a glycidyl silane, namely (3-glycidyloxypropyl) trimethoxysilane
(GPTMS), and the reactive extrusion (REX) with three compatibilizers, namely a multi-functional
epoxy-based styrene-acrylic oligomer (ESAO), a random copolymer of poly(styrene-co-glycidyl
methacrylate) (PS-co-GMA), and maleinized linseed oil (MLO). The results showed that all the
here-tested compatibilizers improved mechanical strength, ductility, and toughness as well as the
thermal stability and thermomechanical properties of the green composite pieces. The highest
interfacial adhesion was observed in the green composite pieces containing the silanized fibers.
Interestingly, PS-co-GMA and, more intensely, ESAO yielded the pieces with the highest mechanical
performance due to the higher reactivity of these additives with both composite components and
their chain-extension action, whereas MLO led to the most ductile pieces due to its secondary role as
plasticizer for PLA.

Keywords: PLA; flax; green composites; fiber pretreatment; reactive extrusion

1. Introduction

In the field of polymers technology, one of the most sought and researched objectives nowadays
is the replacement of petroleum derived materials with natural and renewable ones. Moreover,
international environmental legislation and modern society increasingly require the manufacture of
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materials and end products that follow a circular model by design [1,2]. Polymer composites are
usually a recurrent solution in materials engineering due to its low weight, easy manufacturing, and
high mechanical strength [3,4]. The current trend in polymer composites is focused on the use of
biopolymers and natural fillers to develop the so-called “green composites” [5]. Over the last years, a
wide range of biodegradable polymers derived from both natural and petrochemical sources have been
studied, which undergo hydrolytic or enzymatic decomposition by interaction with microorganisms in
compost conditions [6,7]. Among them, polylactide (PLA) has been widely employed as the green
composite matrix and it is currently considered the front-runner in the bioplastics market with an
annual production of approximately 140,000 tons [8].

Fillers have been widely used in polymer composites [9,10]. Natural fillers can be derived from
minerals, animals, or plants. In particular, plants derived fillers, both particles and fibers, can find a
wide range of applications in green composites due to their abundance and low cost [11,12]. They
can also increase the biodesintegration rate of biodegradable polymers in soil due to an increase
in active surface area available for the action by degrading microorganisms [13]. Moreover, they
can be obtained from agricultural and industrial wastes or food processing by-products, allowing
the valorization of discarded materials [14]. Consequently, several green composites have been
recently developed using a wide variety of fillers derived from plants and trees such as pineapple
leaf fibers [15], babassu nut shell flour [16], jute fabric [17], banana stem fiber [18], orange peel [19],
coconut fibers [20], rice husk [21], almond shell [22] walnut shell [23], etc. It is evident that each type
of plant has a specific chemical composition and structure. However, it is also worth noting that every
elementary vegetable fiber consists on a single plant cell that has a common microstructure. This
structure is based on oriented highly crystalline cellulose microfibrils embedded in a matrix formed
by lignin and amorphous hemicellulose, which is organized around an empty space denominated
“lumen” [24,25]. These two differentiated cell parts, that is, lignin and hemicellulose (matrix) and
cellulose microfibrils (reinforcement), result in different behaviors. While the amorphous matrix
(primary wall) keeps the fiber integrity, the oriented microfibrils (secondary wall) receive and transfer
the mechanical stresses [26]. In fact, the orientation of the microfibrils highly determines the physical
and mechanical properties of the fiber [27]. The microfibrils angle is specific of each type of plant
and there may be slight differences among fibers belonging to the same plant as well as the cellulose,
lignin, and hemicellulose contents [28]. Hence, due to these microstructural variability, vegetable fibers
associate some disadvantages and they rarely fulfill the potential expected in the polymer composites
or, even, their behavior as reinforcement shows uncertainty under short- and long-term loadings [29].
Furthermore, they habitually present low thermal stability, showing degradation when subjected to
temperatures above 200–250 ◦C and limiting the processing of the composites by melting routes such
as extrusion or injection molding [30].

Linen (Linum usitatissimum) is traditionally one of the most usable and profitable plants for
industrial applications. This family of plants has been cultivated and used for millennia, there existing
around 230 species perfectly adapted to both cold and warm weather throughout all the continents [31].
It shows a worldwide production of approximately 3 million tons in 2017, being Canada, China, India,
USA, and Ukraine the main producers [32]. Linen varieties are usually classified as flax, for bast fiber
production in the textile industry, and linseed, for seed oil extraction in the chemical and food industry.
Flax fiber (FF) stands out due to its high cellulose percentage (~78 wt%) [33] and the disorientation of
its cellulose microfibrils, which show an angle of 10◦ with the longitudinal axis of the cell [34]. These
properties translate into a high mechanical performance compared to other vegetables fibers and makes
FF an interesting natural sourced option for fabrics. Indeed, FF is one of the oldest plant fibers used in
household textiles or garments [35]. Furthermore, it can also be applied as a suitable reinforcement to
replace glass fiber (GF) in polymer composites [36]. Nowadays, nonwovens based on FFs are finding
new applications in panel boards, insulation or asbestos, and novel multilayer packaging structures
due to the importance of the eco-design [37].
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However, it is widely known that polymer composites based on lignocellulosic particles or fibers
habitually present low mechanical and thermomechanical performances due to the absence or poor
interfacial adhesion between the fillers and the matrix. This issue has been ascribed to the difference
in hydrophobicity between the polymers and the plant derived fillers [38–40]. Therefore, to achieve
adequate performance, it is essential to carry out a filler surface pretreatment [41] or use a coupling
agent [42] to ensure an enhanced adhesion with the polymer matrix. Furthermore, the modification of
the natural fillers can also influence some characteristics such as their hydrophobicity and porosity [43].
These methods are generally based on cleaning and/or activating the filler surface and they include both
the use of chemicals and physical methods (e.g., ultraviolet (UV) radiation) [44]. Among the different
fiber surface pretreatments based on chemical substances, alkalization, also called “mercerization”, is
the most standardized one due to it reduces hydrophilicity and additionally increases the effectiveness
of further chemical treatments [45,46]. In this regard, silanes and chemically modified silanes are some
of the most used coupling agents employed in polymer-reinforced composites [47]. Additionally, the
use of reactive compatibilizers represents a straightforward strategy to enhance the particle–matrix
adhesion. These additives are generally based on polymers with low molecular weight (Mw), oligomers,
or even, more recently, functionalized vegetable oils with several reactive groups that are prone to
form chemical bonds during melt processing [48,49]. In this sense, some commercially available
copolymers and oligomers based on epoxy, maleic, or glycidyl methacrylate groups have successfully
compatibilized biopolyesters and their green composites with lignocellulosic particles [22,50–52].

The present study evaluated and compared the effect of surface treatments and different reactive
compatibilizers on the performance of green composites based on PLA and short FFs prepared
by twin-screw extrusion (TSE) and injection molding. To this end, the lignocellulosic fillers were
initially subjected to an alkali pretreatment and drying. Then, four different compatibilization routes
were explored, namely silanization and reactive extrusion (REX) with a random copolymer based
on glycidyl methacrylate (GMA), an oligomer containing multiple epoxy groups, and linseed oil
multi-functionalized with maleic anhydride (MA). The mechanical, morphological, thermal, and
thermomechanical properties of the injection-molded green composite pieces were analyzed and
related to the different compatibilization strategies explored.

2. Materials and Methods

2.1. Materials

PLA IngeoTM Biopolymer 6201D was obtained from NatureWorks LLC (Minnetonka, MN, USA).
It was supplied in pellets, having a melt flow rate (MFR) of 15–30 g/10 min measured at 210 ◦C
and 2.16 kg and a true density of 1.24 g/cm3. This resin is suitable for injection molding and it
has been previously screened for preparing green composites due to its high fluidity [19,23,53,54].
Schwarzwälder Textil-Werke Heinrich Kautzmann GmbH (Schenkenzell, Germany) delivered FF as
NATURAL FIBRE. The manufacturer supplied the fibers with a length of 6 mm in yarns, having the
aspect of a “wool ball”, as a processing by-product of the linen industry. A natural scale view of the
as-received short FFs is shown in Figure 1.

 
Figure 1. As-received yarn of short flaxseed fibers (FFs).
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Sodium hydroxide (NaOH), also known as caustic soda, with a purity of 99%, was obtained from
Cofarcas, S.A. (Burgos, Spain) and it was used for preparing the alkali solution. For the silanization
treatment, (3-glycidyloxypropyl) trimethoxysilane (GPTMS), also called GLYMO, with CAS 2530-83-8,
was obtained from Sigma-Aldrich S.A. (Madrid, Spain). It shows a MW of 236.34 g/mol and a density
of 1.07 g/cm3.

Joncryl® 4368C, a multi-functional epoxy-based styrene-acrylic oligomer (ESAO), was supplied
in solid flakes by BASF S.A. (Barcelona, Spain). This petrochemical oligomer presents values of Mw

of 680 g/mol, Tg of 54 ◦C, and an epoxy equivalent weight (EEW) of 285 g/mol. The manufacturer
recommends a dosage of 0.1–1 wt % for appropriate processability of biodegradable polyesters and
complying with food contact regulations. XibondTM 920, a poly(styrene-co-glycidyl methacrylate)
random copolymer (PS-co-GMA), was obtained from Polyscope (Geleen, The Netherlands). This
petrochemical copolymer has a Mw value of 50,000 g/mol and a glass transition temperature (Tg) of
95 ◦C. The manufacturer recommends a dosage level of 0.1–5 wt %, while not exceeding 330 ◦C to
avoid thermal degradation. Maleinized linseed oil (MLO), CAS number 68309-51-3, was provided by
Vandeputte (Mouscron, Belgium) as VEOMER LIN. It presents an acid value of 105–130 mg potassium
hydroxide (KOH)/g and a viscosity of approximately 1000 cP at 20 ◦C.

2.2. Pretreatment of the Flaxseed Fibers

The as-received short FFs were first washed in distilled water to remove residuals and/or dirtiness.
Then, the fibers were subjected to an alkali pretreatment in a water bath containing NaOH at 2 wt % at
room temperature for 1 h, following the procedure described by Sever et al. [55]. Thereafter, the fibers
were further washed with distilled water repeatedly and dried at 60 ◦C for 24 h in an air circulation
oven Carbolite model PN from Carbolite Gero Ltd. (Hope Valley, UK).

Part of the alkali-pretreated FFs was also subjected to silanization. To this end, the alkalized fibers
were dipped in distilled water bath containing 1 wt % of GPTMS, referred to the total amount of FF,
and then magnetically stirred for 2 h at room temperature. After this, the silanized FFs were removed
from the bath and dried in a stove at 50 ◦C for 2 days. The concentration of the glycidyl-silane reactive
coupling agent was selected based on our previous studies [56–58].

2.3. Reactive Extrusion of the Green Composites

Prior to melt processing, the PLA pellets were dried in a dehumidifier MDEO from Industrial
Marsé (Barcelona, Spain) at 60 ◦C for 24 h to eliminate residual moisture. Then, the PLA pellets and the
pretreated FFs were mixed and fed at a constant ratio of 20 wt % into the main hopper of a twin-screw
co-rotating extruder from Dupra S.L. (Alicante, Spain). The extruder features two screws of 25 mm
diameter (D) with a length-to-diameter ratio (L/D) of 24. The modular barrel is equipped with 4
individual heating zones coupled to a strand die. Figure 2 shows the extruder layout with its different
sections and screw configuration. In the feed section, the pellets enter the barrel with the rotating
screws. The compression section contains two mixing zones, a conveying section where the pitch
reduces in order to shear the molten plastic at the barrel wall followed by a series of kneading blocks
(KBs, 8 × 90◦ R and 5 × 44◦ L) to enhance filler dispersion. In the metering zone, the channel depth
is reduced and the melts moves in a spiraling motion down the screw channels. The melt is finally
pumped out of the extruder through an annular die.
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Figure 2. Twin-screw co-rotating extruder and its screw configuration.

The three tested compatibilizers were added as different parts per hundred resin (phr) of composite.
Particularly, PS-co-GMA and ESAO were both added at 1 phr, as this content has reported to enhance the
interaction between biopolymers without leading undesired effects such as gel formation [50,59]. The
selected MLO content was 5 phr since higher oil loadings could exert a negative effect by saturation [60].
A neat PLA sample was also prepared in the same conditions as the control material. In all cases,
temperature profile was set at 165 ◦C at the feed section, 170 ◦C, 175 ◦C, and 180 ◦C at the die. The
rotating speed was adjusted to 16 rpm and the residence time was kept at approximately 1 min, being
estimated by means of a blue masterbatch [20]. The extruded strands were cooled down in air and
granulated in pellets by an air-knife unit. Table 1 summarizes the pretreatments and compositions for
all the compounded materials.

Table 1. Code and composition of each sample according to the weight content (wt%) of polylactide (PLA)
and flaxseed fiber (FF) in which epoxy-based styrene-acrylic oligomer (ESAO), poly(styrene-co-glycidyl
methacrylate) (PS-co-GMA), and maleinized linseed oil (MLO) were added as parts per hundred resin
(phr) of composite. Fiber pretreatments consisted of alkalization, in all cases, and silanization with
(3-glycidyloxypropyl) trimethoxysilane (GPTMS).

Sample PLA (wt %) FF (wt %) Fiber Pretreatment Compatibilizer (phr)

PLA 100 0 - -
PLA/FF 80 20 Alkalization -

PLA/FF + GPTMS 80 20 Alkalization + Silanization -
PLA/FF + ESAO 80 20 Alkalization 1

PLA/FF + PS-co-GMA 80 20 Alkalization 1
PLA/FF +MLO 80 20 Alkalization 5

2.4. Injection Molding of the Green Composites

The resultant pellets were dried at 60 ◦C for 72 h to remove moisture since PLA has a high
sensitivity to hydrolysis. Each sample was processed by injection molding in a Meteor 270/75 from
Mateu & Solé (Barcelona, Spain). The temperature profile was set, from the feed section to the injection
nozzle, as 180–175–170–170 ◦C. The cavity filling and packing times were 1 s and 10 s, respectively. The
clamping force was 75 tons and the samples were cooled in the mold for 10 s. Pieces with a thickness
of approximately 4 mm were obtained for characterization.

2.5. Characterization of the Green Composite Pieces

2.5.1. Microscopy

Optical microscopy of the as-received FFs was performed using a stereomicroscope system SZX7
model from Olympus (Tokyo, Japan) with an ocular magnifying glass of 12.5× and equipped with
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a KL1500-LCD light source. The morphology of the as-received FFs and the fracture surfaces of the
injection-molded PLA and PLA/FF pieces obtained from the impact strength test were also observed by
field emission scanning electron microscopy (FESEM) in a ZEISS ULTRA 55 FESEM microscope from
Oxfrod Instruments (Abingdon, UK). The microscope worked at an acceleration voltage of 2 kV. Prior
to analysis, the fracture surfaces were coated with a gold-palladium alloy in a Quorun Technologies
Ltd. EMITECH mod. SC7620 sputter coater (East Sussex, UK).

2.5.2. Mechanical Tests

Tensile tests of the PLA and PLA/FF composite pieces were carried out in a universal test machine
ELIB 30 from S.A.E. Ibertest (Madrid, Spain) using samples sizing 150 mm × 10 mm × 4 mm and
following the guidelines of UNE-EN-ISO 527-1 standard. The selected load cell was 5 kN whereas the
cross-head speed was set to 5 mm/min. Impact strength was tested in a 6-J Charpy pendulum from
Metrotec S.A. (San Sebastian, Spain) using unnotched pieces with dimensions of 80 mm × 10 mm ×
4 mm and as indicated in the ISO 179. Finally, hardness was measured in a Shore D durometer mod.
673-D from J. Bot S.A. (Barcelona, Spain), following the ISO 868 standard. At least six different samples
were tested for each mechanical test.

2.5.3. Thermal Tests

Thermal transition of the PLA and PLA/FF composites was studied by differential scanning
calorimetry (DSC) in a Mettler-Toledo 821 calorimeter (Schwerzenbach, Switzerland). An average
weight of 5–7 mg of each sample was placed in 40-μL aluminum-sealed crucibles and subjected to a
heating ramp from 25 ◦C to 200 ◦C at 10 ◦C/min in inert atmosphere of nitrogen with a constant flow of
30 mL/min. The percentage of crystallinity (Xc) was calculated using Equation (1):

XC =

[
ΔHm − ΔHCC

ΔH0
m·(1−w)

]
× 100 (1)

where ΔHm (J/g) and ΔHCC (J/g) correspond to the melting and cold crystallization enthalpies of PLA,
respectively. ΔHm

0 (J/g) is the theoretical value of a fully crystalline PLA, that is, 93.0 J/g [61] and 1 − w
indicates the weight fraction of PLA in the green composites.

Thermogravimetric analysis (TGA) was carried out to evaluate the thermal stability of the PLA and
PLA/FF composite pieces. A TGA/SDTA 851 thermobalance from Mettler-Toledo Inc. (Schwerzenbach,
Switzerland) was employed using a single-step thermal program from 30 to 700 ◦C at a heating rate of
20 ◦C/min in an air atmosphere. Both thermal analyses were performed in triplicate.

2.5.4. Thermomechanical Tests

The effect of temperature on the mechanical properties of the PLA and PLA/FF composite pieces
was studied by dynamic mechanical thermal analysis (DMTA) in an oscillatory rheometer AR-G2 from
TA Instruments (New Castle, DE, USA) equipped with an especial clamp system for solid samples that
works with a combination of shear-torsion stresses. Pieces with a dimension of 40 mm × 10 mm ×
4 mm were tested and the maximum shear deformation (%) was set to 0.1% at a frequency of 1 Hz. The
thermal sweep was scheduled from 30 ◦C to 140 ◦C at a heating rate of 2 ◦C/min. The DMTA tests
were carried out in triplicate.

3. Results and Discussion

3.1. Morphology of the Flaxseed Fibers

Figure 3 shows the morphology of the as-received yarn of FF and the surfaces of the FFs after the
alkali and subsequent silane pretreatments. In the optical microscopy image included in Figure 3a, one
can see that the as-received yarn of FF consisted of long individual fibers with a heterogeneous fiber
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diameter. FESEM analysis of the alkali-pretreated FFs prior and after silanization, respectively, shown
in Figure 3b,c, indicated that fiber diameter varied in the 10–25 μm range and it was unaltered during
silanization. Images taken at higher magnification, that is, 1000×, which are included in Figure 3d,e,
revealed that the fiber surface was rough and fluted. This morphology is in agreement with previous
studies, indicating that fibers derived from the flax plant are grouped in conglomerates of elementary
fibers bonded by a smooth pectin and lignin phase to form bast technical fibers with a diameter of
50–100 μm [62]. Furthermore, FFs are long plant cells in which perpendicular dislocations, generally
termed “kink bands”, occur naturally but they can also be formed by physical stresses [63,64]. These
kink bands were easily visible in the FESEM micrographs, being distributed randomly along the fiber
axis. These dislocations are known to result in a reduction of the fiber tensile properties, and they,
furthermore, contribute to a non-linear straining behavior [29,65].

Figure 3. Morphology of the: (a) As-received yarn of flaxseed fibers (FFs) taken by optical microscopy
at 12.5× with scale maker of 1 mm; (b) Alkali-pretreated FFs; (c) Alkali-pretreated FFs after silanization
taken by field emission scanning electron microscopy (FESEM) at 500× with scale makers of 20 μm; (d)
Alkali-pretreated FFs; (e) Alkali-pretreated FFs after silanization taken by FESEM at 1000×with scale
makers of 10 μm.

As commented above, these natural fibers are composed of cellulose chains strongly linked to
lignin and hemicellulose. The alkali pretreatment of the fiber was performed to remove the cemented
material, that is, lignin and hemicellulose, and modified the cellulose structure [66]. For instance,
Valadez-Gonzales et al. [46] showed that henequén fibers with a diluted alkaline solution promoted
the partial removal of hemicellulose, waxes, and lignin on the fiber surface. This process led to some
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changes in their morphology and chemical composition. This particular microfibrillar structure can be
observed in the FESEM micrographs shown in Figure 3b,d in which the alkali-pretreated FFs were
rugged due the decomposition of its constituent compounds. In particular, the alkalized FFs showed
clean and smoother surfaces without impurities, which prove the effectiveness of the diluted NaOH
solution to improve the overall fiber surface quality. After silanization, one can observe in Figure 3c,e
that the fibers showed a similar morphology but they developed rougher surfaces due to the formation
of nano-sized precipitates that correspond to the spherical silane molecules. This surface has been
specifically ascribed to the presence of thin silane layers produced by the formation of a siloxane bonds
(Si–O–Si) through reaction between the hydrolyzed alkoxy groups (R–O) in the silane and hydroxyl
functional groups (–OH) available on the fibers surface [57]. As a result of this surface modification,
the FFs contained suitable glycidyl functional groups to react with the biopolymer matrix of the
green composite.

3.2. Mechanical Properties of the Green Composite Pieces

Table 2 gathers the results of the mechanical tests of the injection-molded pieces of the neat PLA
and the PLA/FF composites. In relation to the neat PLA, one can observe that the piece showed
mechanical properties of a hard but brittle material with values of elastic modulus (E) of 1194.2 MPa,
tensile strength at yield (σy) of 64.7 MPa, and elongation at break (εb) of 8.1%. Its brittleness was also
reflected in terms of impact strength, showing a value of 34.5 kJ/m2. As one expected, the addition
of the alkali-pretreated flax fibers yielded an increment in the rigidity and brittleness, resulting in
green composite samples with an average E and σy values of ~1750 MPa and ~39 MPa, respectively.
Moreover, the incorporation of the lignocellulosic fillers induced a reduction in ductility, showing a εb

value of 3.4% and impact strength of 5.8 kJ/m2. Additionally, hardness increased from 75.8, for the
neat PLA piece, to 79.5, for the PLA/FF composite piece. This ductility impairment can be ascribed
to the hydrophilic behavior of the lignocellulosic fibers that may result in a poor dispersion and
incompatibility with the hydrophobic PLA matrix, leading to a poor stress transfer between the two
components of the green composite [67–69]. Although FF was subjected to an alkaline pretreatment,
this modification was mainly aimed to remove impurities and made the fiber surface cleaner and
rougher. Similar pretreatments have resulted in a higher aspect ratio of the fiber, which is a positive
aspect for fiber reinforcement, but the particle and matrix remained incompatible since no chemical
modification was performed [5,11].

Table 2. Mechanical properties of the polylactide (PLA)/flaxseed fiber (FF) pieces compatibilized
with (3-glycidyloxypropyl) trimethoxysilane (GPTMS), epoxy-based styrene-acrylic oligomer (ESAO),
poly(styrene-co-glycidyl methacrylate) (PS-co-GMA), and maleinized linseed oil (MLO) in term of
elastic modulus (E), tensile strength at yield (σy), elongation at break (εb), impact strength, and Shore
D hardness.

Piece
Tensile Test

Impact Strength (kJ/m2) Shore D Hardness
E (MPa) σy (MPa) εb (%)

PLA 1194.2 ± 27.4 64.7 ± 1.2 8.1 ± 0.5 34.5 ± 2.7 75.8 ± 0.9
PLA/FF 1749.9 ± 32.9 39.1 ± 5.8 3.4 ± 0.2 5.8 ± 0.4 79.5 ± 1.4
PLA/FF + GPTMS 1676.9 ± 45.7 57.9 ± 4.9 5.7 ± 0.9 21.9 ± 2.1 83.1 ± 0.7
PLA/FF + ESAO 1685.1 ± 27.6 65.2 ± 4.1 6.8 ± 1.1 24.1 ± 2.7 83.2 ± 0.7
PLA/FF + PS-co-GMA 1719.7 ± 33.8 61.8 ± 5.2 5.8 ± 0.8 21.3 ± 3.7 78.8 ± 0.8
PLA/FF +MLO 1192.7 ± 41.4 24.8 ± 5.5 10.7 ± 1.1 20.4 ± 3.8 76.2 ± 0.9

One can observe that the green composite pieces prepared with the alkalized FFs subjected
to silanization, the here so-called PLA/FF + GPTMS, showed a slight reduction in elasticity but a
remarkable increase in strength and ductility when compared to the PLA/FF pieces. In particular,
the pieces showed a value of E of 1676.9 MPa, still higher than that of PLA, and σy and εb values
of 57.9 MPa and 5.7%, respectively, representing an increment of 48% and 67% compared with the
uncompatibilized PLA/FF piece, although both values were still lower than those of the neat PLA. These
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results suggest that the glycidyl silane modification successfully promoted the interfacial interaction
between FF and PLA. Other research works ascribed the effectiveness of silanization to the formation
of Si–C, C–H, and N–H stretching bonds between the hydrolyzed silane and the terminal –OH groups
present in both cellulose and PLA [22,70–72]. Therefore, this chemical bonding can potentially play a
key role in forming a link between the lignocellulosic fibers and PLA, with consequent enhancement
of the mechanical properties. This effect was also reflected in the impact strength, which showed a
notably increment to 21.9 kJ/m2 and an increase in hardness, reaching a value of 83.1.

Furthermore, the incorporation of the two petrochemical reactive additives, that is, PS-co-GMA
and ESAO, also produced an improvement in the mechanical properties of the green composite. The
addition of ESAO yielded pieces with E and σy values of 1685.1 MPa and 65.2 MPa, respectively, while
εb significantly increased to 6.8%. Alternatively, the green composite pieces processed with PS-co-GMA
showed E and σy values of nearly 1720 MPa and 62 MPa, respectively, while εb was 5.8%. Toughness
also improved in both formulations, showing values of 24.1 kJ/m2, for the pieces processed with
ESAO, and 21.3 kJ/m2, for those with PS-co-GMA. The hardness values were also higher in the case of
ESAO, showing values of approximately 83.2 and 78.8, respectively. Therefore, although both reactive
additives enhanced the mechanical performance of the green composites, the improvement achieved
by the addition of ESAO was slightly higher than that attained with PS-co-GMA. This difference can be
ascribed to both the different chemical reactive groups and also the differences in the Mw of these two
additives [68,73]. In the case of PS-co-GMA, Anakabe et al. [74] reported that the –OH end groups
of PLA can react with the MA groups present in the random copolymer, leading to ester and ether
linkages. For ESAO, its multiple epoxy groups can react with the carboxyl (–COOH) and –OH end
groups of the PLA chains based on a linear chain-extended, branched or even cross-linked structure
depending on the functionality whereas the remaining epoxy groups are also able to react with the
–OH groups present on the surface of the cellulosic fillers [73,75]. In this regard, Battegazzore et
al. [76,77] reported the ability of ESAO to increase the interfacial adhesion between cotton fabric with
PLA/poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) (PHBH) blends as well as to produce multilayer
cotton fabric composites of PLA/PHBH with less porosity and improved stress transfer capacity. This
dual reactivity of ESAO of coupling agent and melt strength additive can potentially lead to green
composites of higher improvement. Furthermore, the lower Mw of oligomer could also favor its higher
miscibility and reactivity within the PLA matrix.

In relation to the oil plant derived multi-functionalized oil, the green composites pieces processed
with MLO presented significantly lower values of E and σy, that is, 1192.7 MPa and 24.8 MPa,
respectively. However, interestingly, the εb value raised to 10.7%, being the highest value attained
for the green composite in the present study. This ductility enhancement can be ascribed to the
plasticization of the PLA matrix in which the molecular forces are reduced and the free volume
increased [78]. Indeed, MLO has been reported as an effective plasticizer for PLA materials, promoting
an additional interfacial adhesion enhancement with both organic and inorganic fillers based on
its multi-functionality [22,56,60]. In particular, the MAH groups present in MLO can result in the
formation of carboxylic ester bonds by their reaction with the –OH end groups of both the PLA
molecules and cellulose, resulting in a cellulose-grafted PLA (cellulose-g-PLA) structure [22]. It is
also worthy to note that the green composite pieces processed with MLO showed the lowest value of
impact strength, that is, 20.4 kJ/m2, and also hardness, that is, 76.2, among all the tested compatibilized
green composites. This may seem contradictory in relation to values of ductility, but other mechanical
properties such as tensile strength also influences in toughness.

3.3. Morphology of the Green Composite Pieces

The FESEM images taken at 1000× of the fracture surfaces after the impact test of the pieces are
shown in Figure 4. The micrograph shown in Figure 4a corresponds to the PLA sample, in which a
smooth and homogeneous surface with small plastic deformation filaments can be observed. This
morphology correlates well the previous mechanical tests that indicated that the PLA piece was brittle.
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Figure 4b shows the fracture surface of the PLA/FF piece. One can observe that, even though the
fibers were pretreated with NaOH, their interaction with the PLA matrix was low. A considerable gap
between the lignocellulosic fibers and the biopolyester matrix can be noticed as well as some holes due
to fiber detachment during fracture. This type of morphology has been previously described for green
composites, reflecting an increase in rigidity due to fiber reinforcement but also reduction in ductility
since the stress is not effectively transferred from the matrix to the fillers [70,79].

Figure 4. Field emission scanning electron microscopy (FESEM) images of the fracture surfaces of the
polylactide (PLA)/flaxseed fiber (FF) pieces of: (a) PLA; (b) PLA/FF; (c) PLA/FF + (3-glycidyloxypropyl)
trimethoxysilane (GPTMS); (d) PLA/FF + epoxy-based styrene-acrylic oligomer (ESAO); (e) PLA/FF
+ poly(styrene-co-glycidyl methacrylate) (PS-co-GMA); (f) PLA/FF + maleinized linseed oil (MLO).
Images were taken at 1000×with scale makers of 10 μm.

As can be seen in Figure 4c, the silanization performed on FFs promoted a high interfacial
interaction with the PLA matrix due to the nearly absence of gap. A similar interfacial enhancement
has been achieved for kenaf, pineapple, and Phormium Tenax (New Zealand flax) fibers subjected to
alkaline and silane combined pretreatments [70–72,79]. The FESEM micrograph shows that some fibers
remained embedded in the PLA matrix after fracture, which further suggests their strong adhesion to
the matrix. This morphology can be correlated with the mechanical improvement described above, in
which the green composite presented high strength and toughness. However, the fracture surface was
relatively smooth, similar to that of the neat PLA piece, indicating that the fiber-biopolymer interface
was not strong enough to modify the fracture energy. It has been reported that covalent bonds between
the fillers and matrix created by special reactive surface treatments are very strong (60–80 kJ/mol), but
in practice the strength of the interaction is somewhere between this and secondary and weaker van
der Waals forces such as dipole–dipole (Keesom), induced dipole (Deby), and dispersion (London)
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interactions so that the ultimate mechanical strength of the composite is lower and more complex than
the one expected [80]. Figure 4d shows that the addition of ESAO produced a morphological change
in the fracture surface of the green composite piece. In particular, the incorporation of the reactive
oligomer yielded a rough and irregular surface fracture. In addition, the stress cracks were shorter,
indicating that the green composite developed a fracture with certain plastic deformation. However,
the FESEM micrograph revealed that the interface between the PLA matrix and the lignocellulosic
fibers was not promoted to a high extent and the gap around the embedded fibers was higher than
that observed in the PLA/FF + GPTMS piece. Moreover, the presence of large cylindrical cavities
indicates that fibers detached from the matrix during fracture. Therefore, the mechanical improvement
attained in these sample pieces can be more related to the effect of ESAO as chain extender than an
interfacial adhesion improvement, since it can contribute to an increase in the mechanical strength and
favor a crack arresting mechanism by an increase of the PLA’s Mw [81]. In relation to PS-co-GMA, the
fracture surface of the green composite piece processed with the random copolymer is displayed in
Figure 4e. The morphology of the PLA/FF + PS-co-GMA piece was rough, being relatively similar to
that of PLA/FF + ESAO; however, the crack edges appeared more pronounced. This small difference in
the green composite morphology correlates well with the mechanical results, showing that the green
composite pieces processed with PS-co-GMA were slightly more rigid but also less tough. Finally, in
Figure 4f, the fracture surface of the green composite piece processed with MLO is shown. One can
observe that the multi-functionalized vegetable oil caused a remarkable change in the fracture surface
morphology. In particular, the MLO incorporation promoted the formation of a smooth surface with
considerable number of small cavities homogeneously distributed along the PLA matrix, causing a
porous-like surface. Similar morphologies were reported in previous studies for MLO-containing PLA
materials [22,60]. Other authors described a similar phenomenon for plasticizers due to they form a
separated spherical plasticizer-rich phase that result in the creation of holes during fracture [82–84].
One can also observe that the gaps existing around fibers were shorter compared with those observed
in the uncompatibilized PLA/FF piece, but larger than those attained in the other compatibilized
composite pieces. This indicates that MLO mainly induced a matrix modification and it did not
effectively enhance the interfacial adhesion as much as the other compatibilizers, which is in agreement
with the mechanical analysis described above.

3.4. Thermal Properties of the Green Composite Pieces

Figure 5 shows the DSC thermograms during the first heating of the neat PLA piece and the
PLA/FF pieces. The average values of the main thermal transitions obtained from the DSC curves are
gathered in Table 3. The enthalpies associated with the cold crystallization and the melting processes
are also reported in the table. A step change in the base lines in the 60–70 ◦C range can be observed,
which corresponds to the Tg of PLA. For the neat PLA sample, the mean Tg value was located at
67.3 ◦C. Then, the exothermic peaks located between 110 ◦C and 130 ◦C can be attributed to the cold
crystallization temperature (Tcc) of PLA, which was 114.7 ◦C for the neat piece of PLA. Finally, at
higher temperatures, in the range of 150–180 ◦C, the endothermic peaks represent the melting process
of the crystalline PLA domains. In the thermogram of the neat PLA sample, one can observe the
presence of two overlapped peaks. The first one appeared at 167.7 ◦C and the second one at 174.1 ◦C.
This double-peak phenomenon is ascribed to crystal reorganization upon melting in polyesters, by
which imperfect crystals melt and the amorphous regions are ordered into spherulites with thicker
lamellar thicknesses that thereafter melt at higher temperatures [59,85].
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Figure 5. Differential scanning calorimetry (DSC) thermograms corresponding to the polylactide
(PLA)/flaxseed fiber (FF) pieces compatibilized with (3-glycidyloxypropyl) trimethoxysilane (GPTMS),
epoxy-based styrene-acrylic oligomer (ESAO), poly(styrene-co-glycidyl methacrylate) (PS-co-GMA),
and maleinized linseed oil (MLO).

Table 3. Thermal properties of the polylactide (PLA)/flaxseed fiber (FF) pieces compatibilized with
(3-glycidyloxypropyl) trimethoxysilane (GPTMS), epoxy-based styrene-acrylic oligomer (ESAO),
poly(styrene-co-glycidyl methacrylate) (PS-co-GMA), and maleinized linseed oil (MLO) in term of:
glass transition temperature (Tg), cold crystallization temperature (Tcc), melting temperature (Tm), cold
crystallization enthalpy (ΔHcc), melting enthalpy (ΔHm), and degree of crystallinity (Xc).

Piece Tg (◦C) Tcc (◦C) Tm (◦C) ΔHcc (J/g) ΔHm (J/g) Xc (%)

PLA 67.3 ± 0.1 114.7 ± 0.5 167.7 ± 0.6/174.1 ± 0.4 28.61 ± 0.2 33.13 ± 0.2 4.86 ± 0.4
PLA/FF 67.0 ± 0.3 109.0 ± 0.4 154.3 ± 0.5/ 164.9 ± 0.4 19.50 ± 0.4 22.47 ± 0.2 3.99 ± 0.2
PLA/FF + GPTMS 64.7 ± 0.4 110.3 ± 0.4 151.3 ± 0.6 15.55 ± 0.5 19.88 ± 0.4 5.81 ± 0.5
PLA/FF + ESAO 64.0 ± 0.4 111.7 ± 0.6 151.0 ± 0.7 13.88 ± 0.6 17.48 ± 0.6 4.89 ± 0.3
PLA/FF + PS-co-GMA 64.3 ± 0.6 118.3 ± 0.2 153.2 ± 0.4 13.47 ± 0.4 18.32 ± 0.5 6.58 ± 0.4
PLA/FF +MLO 61.7 ± 0.2 124.5 ± 0.4 152.3 ± 0.4 10.48 ± 0.6 13.97 ± 0.4 4.92 ± 0.4

As can be observed in the thermograms, the incorporation of the alkalized FFs produced a slight
reduction of the Tg value, which remained at 67 ◦C. The cold crystallization process, however, occurred
at a lower temperature, that is, 109 ◦C. This reduction of the Tcc value indicates that FF could act as
external nuclei for the formation of PLA crystallites. Indeed, the nucleating effect of lignocellulosic
particles on PLA has been widely reported [86,87]. It is also worth noting that the presence of FFs also
slightly reduced the percentage of crystallinity, which suggests that the crystallites formed were less
perfect due to the presence of the fillers. In this regard, Huang et al. [88] reported a similar phenomenon
as a result of the interfacial interaction of the fillers with the matrix that could favor crystal nucleation
but reduce crystal growth. This phenomenon was further correlated with the observed reduction in
the Tm values, that is, 154.3 and 164.9 ◦C, since less perfect crystals underwent the melting process.
One should also mention that double melting continued to be observable, confirming the absence or
low interaction between the fillers and the PLA matrix.

In all the compatibilized PLA/FF composites, the Tg values remained in the 64–65 ◦C range, with
the exception of MLO. In the case of the green composite piece processed with the multi-functionalized
vegetable oil, Tg decreased to 61.7 ◦C. This observation further supports that MLO plasticized the PLA
matrix by reducing the interaction between the biopolymer chains and increasing their mobility [84].
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This phenomenon was well evidenced by Ferri et al. [60], who showed that the reduction of the Tg

values fully correlated with the amount of MLO added. With regard to the cold crystallization process,
an increase in the Tcc values was observed for all the compatibilized formulations when compared with
the uncompatibilized green composite. This result points out that the compatibilizers could partially
occupy the free volume between FFs and the PLA molecules and restricted the nucleation of the fillers.
Furthermore, in the case of the green composite samples processed with ESAO, PS-co-GMA and, even,
MLO, this crystallinity restriction can be related to the formation of chain-extended and/or branched
structures of PLA with a higher impairment to crystallize [74,89]. Some authors have additionally
concluded that this reaction can create cross-linked structures that could lead to difficulties in the chains
mobility and, hence, cold crystallization is delayed [50,74,90]. In the case of the PLA/FF +MLO piece,
showing the highest Tcc value, that is, 124.5 ◦C, the newly formed spherical-shape phases dispersed in
the PLA matrix could further contribute to delay crystallization of PLA. One can also observe that all
the compatibilizers suppressed the double-melting peak phenomenon and PLA melted in a single
peak in the 151–154 ◦C range. This result suggests that all the crystalline structures presented similar
lamellae thicknesses, being lower than that of PLA in the pieces without compatibilizer due to the
effect of those on the PLA chains [53]. The degree of crystallinity of PLA in the green composite pieces
slightly increased when the fibers were silanized or processed with the reactive compatibilizers. This
effect has been related to a higher fiber-to-matrix adhesion but it could also be due to an improvement
of Mw by a chain extension and/or prevention of random chain scission reactions (e.g., hydrolysis) by
which more mass of biopolymer crystallized in the mold [59].

Figure 6 shows the TGA curves of the FF, the neat PLA piece, and the green composite pieces
uncompatibilized and compatibilized by the different methods. The thermal stability values extracted
from the TGA curves are summarized in Table 4, which gathers the temperature required for a loss of
weight of 5% (T5%) that is representative for the onset of degradation, the degradation temperatures
(Tdeg1 and Tdeg2), and the amount of residual mass at 700 ◦C. Figure 6a shows the mass loss as a
function of temperature, whereas, in Figure 6b, their respective DTG curves are included.

  
(a) (b) 

Figure 6. (a) Thermogravimetric analysis (TGA) curves with inset zooming the onset of degradation;
and (b) first derivate thermogravimetric (DTG) curves corresponding to the polylactide (PLA)/flaxseed
fiber (FF) pieces compatibilized with (3-glycidyloxypropyl) trimethoxysilane (GPTMS), epoxy-based
styrene-acrylic oligomer (ESAO), poly(styrene-co-glycidyl methacrylate) (PS-co-GMA), and maleinized
linseed oil (MLO).
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Table 4. Main thermal degradation parameters of the polylactide (PLA)/flaxseed fiber (FF) pieces
compatibilized with (3-glycidyloxypropyl) trimethoxysilane (GPTMS), epoxy-based styrene-acrylic
oligomer (ESAO), poly(styrene-co-glycidyl methacrylate) (PS-co-GMA), and maleinized linseed oil
(MLO) in term of: temperature required for a loss of weight of 5% (T5%), degradation temperatures
(Tdeg1 and Tdeg2), and residual mass at 700 ◦C.

Piece T5% (◦C) Tdeg1 (◦C) Tdeg2 (◦C) Residual Mass (%)

FF 255.3 ± 0.4 316.6 ± 0.4 419.8 ± 0.9 20.6 ± 0.2
PLA 334.2 ± 0.7 373.3 ± 0.4 410.3 ± 1.1 1.5 ± 0.3
PLA/FF 279.1 ± 0.6 340.6 ± 0.7 368.4 ± 1.1 3.4 ± 0.3
PLA/FF + GPTMS 337.7 ± 0.4 375.8 ± 1.1 411.6 ± 0.8 4.2 ± 0.4
PLA/FF + ESAO 332.2 ± 0.3 381.2 ± 0.9 412.7 ± 0.9 4.1 ± 0.3
PLA/FF + PS-co-GMA 331.6 ± 0.9 383.9 ± 1.2 411.2 ± 1.3 4.4 ± 0.2
PLA/FF +MLO 337.6 ± 0.5 381.7 ± 0.8 409.6 ± 1.2 3.6 ± 0.5

One can see that thermal degradation of the alkali-pretreated FF took place in three main steps.
Initially, at a temperature close to 100 ◦C, a slight mass loss of ~3.5% was observed, which corresponds
with the moisture and remaining solvent retained in the fibers. Following the TGA curve, a change in
the slope of the curve was observed when temperature reached ~255 ◦C. This represents a mass loss of
~60% and it finalized at ~390 ◦C. Previous studies reporting the thermal decomposition of lignocellulosic
particles have attributed this mass loss to the oxidation of their main constituents, primarily in the
amorphous regions (hemicellulose), followed by cellulose and lignin. This phenomenon is normally
referred as the “active pyrolysis zone” and it is followed by a second degradation step, denominated
“passive pyrolysis zone”, where the oxidation of the residual char occurs [91]. In the present FF curve,
this pyrolysis step was observable in the 400–600 ◦C range. The TGA curve of FF is totally in agreement
with others reports focused on lignocellulosic fibers [92]. For temperatures above 600 ◦C, thermal
degradation continued but no significant weight losses were detected, indicating that the entire organic
component were already pyrolyzed. The residual mass at the end of the analysis was over 20%, which
can be related to the high mineral content present in flax [53].

Neat PLA showed a typical thermal degradation for a biopolyester based on two steps. In the
range from nearly 335 ◦C to 390 ◦C, around 95% of the mass was lost. This peak was sharp and
intense due to the chain-scission reaction through breakage of its ester groups [93]. After this, a
second low-intense degradation stage took place, which was more detectable in the DTG graph.
This corresponds with the fully oxidation of the char residue produced by the formation of some
complexes, C = C bonds, aromatic species, etc. during the first stage [94]. After the incorporation of
the alkalized FFs, the thermal stability of PLA was reduced. Both main thermal stability values, that
is, T5% and Tdeg1, were reduced by approximately 55 ◦C and 33 ◦C, respectively. The lower thermal
stability of green composites has mainly been explained in terms of the low thermal stability of the
lignocellulosic fillers and also to the remaining moisture, which is extremely difficult to remove [53].
Moreover, FF increased the intensity of the second degradation peak centered at ~410 ◦C, which can be
related to the passive pyrolysis of the lignocellulosic fillers. In relation to the compatibilized PLA/FF
samples, all coupling strategies yielded a similar positive effect on the thermal stability of the green
composite. In particular, the T5% values ranged from 330 ◦C to 340 ◦C, while Tdeg1 was in the 375–385
◦C range. Therefore, the use of different compatibilizers resulted in green composites with thermal
stability values in the same range or even higher than those observed for neat PLA. This thermal
enhancement can be related to the improved interfacial adhesion achieved in the green composite due
to the chemical interaction established between the lignocellulosic fillers and the biopolymer matrix.
As in the mechanical properties, the highest improvement was observed for the green composite
processed with ESAO, although the thermal stability of all the compatibilized samples was relatively
similar and close to that of neat PLA.
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3.5. Thermomechanical Properties of the Green Composite Pieces

As shown in Figure 7, the thermomechanical behavior of the PLA and PLA/FF pieces was studied
by the variation of the storage modulus (G′) and the damping factor (tanδ) as a function of temperature.
Figure 7a gathers the evolution of G′ with temperature. For all the PLA pieces, it can be observed a
relatively high stiffness at low temperatures and then a sharply decrease of the G′ values between
50 ◦C and 80 ◦C due to the temperature reached the alpha (α)-relaxation of the biopolymer. With
the temperature increment, in the 85–100 ◦C range, the cold crystallization phenomenon occurred, as
previously discussed during the DSC analysis. Table 5 shows the G′ values of the storage modulus
measured at 40 ◦C, 75 ◦C, and 110 ◦C, being these temperatures representative of the stored elastic
energy of the material in the three mentioned states, that is, amorphous glassy, amorphous rubber,
and semi-crystalline. One can observe that all the green composite pieces presented higher values
of G′ than the neat PLA piece. In particular, at 40 ◦C, the G′ of the PLA/FF piece was 1080.3 MPa,
which represents almost the double of the unfilled PLA, that is, 566.5 MPa. This is consistent with
the above-reported effect of mechanical reinforcement of PLA by the lignocellulosic fibers. Similar
remarkable increases in stiffness for natural filler-reinforced polymer composites have been reported
previously [22,48,56]. The reinforcing effect was more pronounced after the glass transition region, in
which the G′ value measured at 75 ◦C increased from 2.2. MPa, in the neat PLA piece, to 13.1 MPa, in
the PLA/FF piece. This points out the high effect of relative hard fillers in a rubber-like matrix. The
G′ value also showed a nearly three-fold increased, from 47.7 MPa to 154.6 MPa, at 110 ◦C, after cold
crystallization, when the alkali-pretreated FF were incorporated into PLA. One can also notice in the
DMTA curves that, as also observed during the DSC analysis, the fillers presence also promoted the
occurrence of the cold crystallization phenomenon at lower temperatures.

 
(a) (b) 

Figure 7. Evolution as a function of temperature of the (a) storage modulus and (b) dynamic damping
factor (tan δ) of the polylactide (PLA)/flaxseed fiber (FF) pieces compatibilized with (3-glycidyloxypropyl)
trimethoxysilane (GPTMS), epoxy-based styrene-acrylic oligomer (ESAO), poly(styrene-co-glycidyl
methacrylate) (PS-co-GMA), and maleinized linseed oil (MLO).
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Table 5. Thermomechanical properties of the polylactide (PLA)/flaxseed fiber (FF) pieces compatibilized
with (3-glycidyloxypropyl) trimethoxysilane (GPTMS), epoxy-based styrene-acrylic oligomer (ESAO),
poly(styrene-co-glycidyl methacrylate) (PS-co-GMA), and maleinized linseed oil (MLO) in term of:
storage modulus (G′) measured at 40 ◦C, 75 ◦C, and 110 ◦C and glass transition temperature (Tg).

Piece Tg (◦C)
G′ (MPa)

40 ◦C 75 ◦C 110 ◦C
PLA 68.4 ± 1.3 566.5 ± 8.2 2.2 ± 0.7 47.7 ± 0.5
PLA/FF 63.8 ± 0.8 1080.3 ± 9.5 13.1 ± 0.5 154.6 ± 0.5
PLA/FF + GPTMS 63.1 ± 1.1 2908.8 ± 7.8 26.7 ± 0.7 293.8 ± 0.7
PLA/FF + ESAO 64.2 ± 1.2 1683.7 ± 7.3 11.9 ± 0.8 141.7 ± 0.5
PLA/FF + PS-co-GMA 63.4 ± 0.6 2293.4 ± 6.4 13.9 ± 0.8 214.2 ± 0.6
PLA/FF +MLO 60.8 ± 0.9 1437.6 ± 9.1 11.2 ± 0.7 63.6 ± 0.6

The use of the different compatibilizers also yielded higher G′ values at low temperatures, with
the exception of MLO due to its secondary role as plasticizer. This observation confirms that all the
here-tested compatibilization strategies successfully increased the adhesion of the alkali-pretreated
FFs to the PLA matrix in the green composites. The highest G′ values were attained for the green
composite pieces processed with the alkalized FFs that were further pretreated with GPTMS. In
particular, their G′ value was nearly 3 GPa at 40 ◦C, being around three times higher than that of the
PLA/FF pieces and representing an increment of ~500% compared with the neat PLA pieces. This
trend was also kept at higher temperatures, showing G′ values of 26.7 MPa and 293.8 MPa at 75 ◦C
and 110 ◦C, respectively. Some authors have concluded that silanization of lignocellulosic fibers can
induce a noticeable increment in the mechanical rigidity of the polymer composites, though it also
reduces the elastic limit, especially when the fibers are subjected to alkaline pretreatment [70,79]. This
combination of surface pretreatments can notably modify and/or remove some substances present on
the fiber surfaces (e.g., hemicellulose, cellulose, and lignin), which can favor the interaction with the
polymer molecules, but it can also cause damage in the fiber due to an excess of delignification [95].
This statement is in agreement with the FESEM images shown above, in which one can observe
that the fibers were rugged due the decomposition of its constituent compounds and rougher by the
presence of the silane layer. Therefore, the structural modification of the fibers played a key role in
the thermomechanical properties of the green composites This explanation further supports both
the morphological properties, which showed that the fibers were highly adhered to the biopolyester
matrix, but also the fact that the mechanical strength and toughness was lower when compared with
ESAO and PS-co-GMA since in the latter cases the fiber morphology was better preserved. The slight
difference of the pieces in terms of their mechanical and thermomechanical performance can also be
related to the type of experiment since in the tensile test the effort was uniaxial, while in the DMTA
tests the pieces were subjected to a combination of shear-torsion stresses and the contribution of the
fiber-to-adhesion strength was higher. It is also worth noting that both reactive compatibilizers, in
particular PS-co-GMA, delayed cold crystallization of PLA due to the above-described restriction in
chain mobility caused by the formation of a macromolecular structure with higher Mw.

Figure 7b represents the evolution of tanδ versus temperature. The peaks of the graphs represent
the change in the thermomechanical behavior when the α-relaxation of the biopolymer is reached,
which relates to its Tg. As shown in Table 5, the peak for the neat PLA piece was located at 68.4 ◦C,
which is similar to the Tg value reported by DSC. One can also observe that the green composite pieces
showed lower peak values for α-relaxation, centered at ~63 ◦C, being also very similar to the values of
Tg attained by DSC. In the case of the green composite processed with MLO, this value was 60.8 ◦C
due to the plasticizing effect of the multi-functionalized vegetable oil. It should also be noted that all
green composite samples had α-relaxation peaks with lower intensities than the neat PLA sample. This
observation points out that the relaxation of the PLA chains was partially suppressed by the presence
of the alkalized FFs and, hence, lower number of PLA chains underwent glass transition [44]. This fact
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also correlates well the crystallinity results obtained by DSC that showed that PLA developed slightly
higher crystallinity in the compatibilized green composite pieces.

4. Conclusions

Four different routes were tested to improve the overall performance of injection-molded pieces of
green composites made of PLA and short FFs. These strategies included a silanization pretreatment of
alkalized FFs with GPTMS and the use of three reactive compatibilizers added during melt extrusion,
that is, ESAO, PS-co-GMA, and MLO. The morphological analysis showed that the highest interfacial
adhesion was obtained in the green composite pieces containing the fibers pretreated with GPTMS due
to the glycidyl-silane reactive coupling agent was able to react with the –OH terminal groups present
in both cellulose and PLA. Although the mechanical and thermal performance of the green composite
pieces was improved, the fiber–biopolymer interface was not strong enough to modify the fracture
energy and the improvement was relatively low. This effect was related to the fiber morphology damage
that occurred due to an excess of delignification during silanization. In relation to the two petroleum
derived reactive additives, that is, ESAO and PS-co-GMA, it was observed that these led to the highest
mechanical resistance and toughness improvement and also the highest thermal stability, showing
the multi-functional oligomer the most optimal properties. Since the morphological analysis revealed
that the filler–matrix was relatively low, the enhancement attained was mainly ascribed to a matrix
modification by the formation of a chain-extended, branched or even cross-linked structure through
the functional groups present in both additives that can react with –OH groups of PLA. Regarding the
multi-functionalized vegetable oil, the green composite processed with MLO also showed improved
mechanical and thermal properties, showing the highest ductility. However, it was also observed that
it plasticized the PLA matrix and, as a result, the mechanical and thermomechanical properties were
not as high as those attained by means of the other strategies. Despite their relatively low properties,
the MLO-containing green composites are still great candidates for more flexible applications and it is
also the only solution fully based on natural raw materials. According to the here-attained results, one
can conclude that the compatibilizer of highest potential for green composites is ESAO since it allows
to produce, at very low contents, high-performing bio-based and biodegradable materials in terms of
mechanical resistance, toughness, and thermal stability.
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Abstract: Calcium terephthalate anhydrous salts (CATAS), synthetized by reaction of terephthalic
acid with metal (Ca) oxide were incorporated at different weight contents (0–30 wt. %) in recycled
Poly(ethylene terephthalate) (rPET) by melt processing. Their structure, morphology, thermal and
mechanical properties (tensile and flexural behavior) were investigated. Results of tensile strength
of the different formulations showed that when the CATAS content increased from 0.1 to 0.4 wt. %,
tangible changes were observed (variation of tensile strength from 65.5 to 69.4 MPa, increasing value
for E from 2887 up to 3131 MPa, respectively for neat rPET and rPET_0.4CATAS). A threshold weight
amount (0.4 wt. %) of CATAS was also found, by formation at low loading, of a rigid amorphous
fraction at the rPET/CATAS interface, due to the aromatic interactions (π−π conjugation) between the
matrix and the filler. Above the threshold, a restriction of rPET/CATAS molecular chains mobility was
detected, due to the formation of hybrid mechanical percolation networks. Additionally, enhanced
thermal stability of CATAS filled rPET was registered at high content (Tmax shift from 426 to 441 ◦C,
respectively, for rPET and rPET_30CATAS), essentially due to chemical compatibility between
terephthalate salts and polymer molecules, rich in stable aromatic rings. The singularity of a cold
crystallization event, identified at the same loading level, confirmed the presence of an equilibrium
state between nucleation and blocking effect of amorphous phase, basically related to the characteristic
common terephthalate structure of synthetized Ca–Metal Organic Framework and the rPET matrix.

Keywords: recycled poly(ethylene terephthalate); rPET; Calcium terephthalate salts; high
performance nanocomposites

1. Introduction

Disposal of waste materials has become an urgent problem that can be solved by following two
general paths: re-using the materials disposed, for suitable applications, as received, or recycling
the waste to produce regenerated materials that could be applied again in the same or in another
industrial field [1]. For instance, waste poly(ethylene terephthalate) (PET) plastic waste is neither
biodegradable nor compostable, and due to its wide use worldwide substantial disposal problems are
created. Recycling has emerged as the most practical method to deal with this issue, especially with
products such as recycled PET (rPET) beverage bottles or fibers for textiles [2].

On the other hand, although PET is a recyclable polyester, its post-consumer reuse is limited
by the weakening of its physical-mechanical properties, due to the reduction of molecular weight
and viscosity, derived from the cleavage of the chains during processing [3]. As a solution to this
problem, extruded blends with satisfactory properties based on virgin PET, with marginal proportions
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of rPET, were developed and used at an industrial level. However, it is necessary to increase the
use of recycled PET in these mixed formulations to reduce costs and contribute to compliance with
increasingly stringent regulations on plastic waste disposal.

To achieve the result of using increasing fractions of rPET without adding virgin material, it is
mandatory to increase the mechanical properties of the polymer with the incorporation of low cost,
commercially available nanoparticles/nanofillers [4]. There are many examples available in the literature
dealing with the selection of unmodified or chemically modified layered nanoclays [5–7].

However, even if it was shown that substantial increase of mechanical properties can be achieved
by high MMT (montmorillonite) content and optimum strength and stiffness at low level [8], the main
limit of the use of organo-modified nanoclays relies in the decomposition of alkylammonium ether
that can influence the PET degradation during the processing. A recent paper investigated the use
of graphene nanoplatelets [9], demonstrating how the higher-order structure of PET can be tuned
by considering different graphene loading. The authors interestingly found that the presence of a
significant rigid amorphous fraction (RAF) in the nanocomposites increased with an increase in the
graphene loading, while at low loadings the stiffening effect was observed to be quite small in the
glassy state region. At a value of 2 wt. %, graphene formed a mechanical percolation network with
the RAF of PET and the PET chains were geometrically restricted by the incorporation of graphene,
resulting in an unexpectedly higher modulus of nanocomposites both below and above Tg.

The effect of the nanometric calcium terephthalate anhydrous salts (CATAS) was studied in analogy
to the above mentioned PET/GNP (polyethylene terephthalate/graphene nanoparticles) nanocomposites
work. The idea is to design a circular use of PET, using terephthalic acid (TPA) recovered from the
hydrolysis of PET for the preparation of terephthalate salts of various metals such as aluminum,
magnesium, sodium, calcium potassium, etc. [10,11]. The production of these salts with nano-sized
lamellar structure can be obtained with appropriate control of the reaction parameters [12,13]. Many
different terephthalate salts, or metal–organic framework (MOFs) may be obtained by using sodium,
potassium, aluminum, magnesium, calcium and other metals salts [14,15]. They are hybrid materials,
composed of metal nodes and coordinating organic linkers, arranged in highly regular motifs that
lead to materials exhibiting ultra-high surface areas. Applications are therefore proposed that use
this porosity for reversible host–guest behavior, for example, in gas storage, catalysis and drug
delivery. Attempts were made to develop existing MOFs and explore new applications using known
functionalities, and introducing flexibility, defects and stimuli responsive behavior [16]. The formation
of nanocomposites by combining MOFs with more processable materials such as polymers, not only
engages with the theme of new materials discovery, but also offers new solutions for the manufacturing
of robust bulk structures.

A few examples are available in the scientific literature on the use of these salts in thermoplastic
nanocomposites, as in the case of applications that consider terephthalate salts in batteries [17–19]
or gas separation applications, by taking into advantage of their defined porosity, high surface
area, and catalytic activity. A recent review covers various topics of MOF/polymer research, where
MOF/polymer hybrid and composite materials are highlighted, encompassing a range of material
classes, such as bulk materials, membranes, and dispersed materials [20].

On the other hand, the chemical compatibility between the terephthalate salts and the polymer
molecules, rich in stable aromatic rings, suggested the possibility of investigating the role of these salts
in the thermomechanical behavior of recycled PET.

The objective of the present investigation was to study the structure of rPET_CATAS
nanocomposites and the effect of nanofillers introduction on mechanical properties. The study
was conducted by selecting two levels of loadings (0.1–1 wt. % and 2–30 wt. %), aiming to correlate
the internal structure with the bulk thermomechanical performance of recycled PET. We specifically
aimed to study these properties from the different perspective of evaluating not only the dispersibility
at the macrolevel, but also checking the higher-order structure of the polymeric matrix in presence of
the selected nanofillers.
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2. Materials and Methods

Polyethylene terephthalate (I. V., 0.65 dl/g, moisture content 1.3%, bulk density 250–350 kg m−3)
was supplied by Extremadura Torrepet (Torremejia, Spain). The recycling process adopted by the
company intended to recycle post-consumer food grade poly(ethylene terephthalate) containers to
produce recycled PET pellets. A four steps process consisted of in house treatment of PET bottles into
hot caustic, drying and extrusion of flakes into pellets under vacuum, continuous feeding to a reactor
for crystallization at high temperature, under atmospheric pressure for a predefined residence time,
after that decontamination by solid state polymerisation process (SSP) is considered. A nanometric
metal organic framework consisting of Calcium ions as metal clusters coordinated to terephthalic
acid as organic ligand was synthesized in our laboratories to be used as filler in the nanocomposites.
Calcium oxide, terephthalic acid, ammonia and water chemical reagents were supplied by Sigma
Aldrich (Milan, Italy). The synthesis method is briefly described in the next section.

2.1. Preparation of Terephthalate Salts

Powdered terephthalic acid (TPA) was solubilized in an alkaline solution of water and ammonia
with stirring at 80 ◦C for 1 h. Then, calcium oxide was added in a stoichiometric proportion to the acid
according to Reaction (1):

C8H6O4 + CaO + 2 H2O→ C8H4O4Ca • 3 H2O (1)

The solution was kept under stirring at 80 ◦C for 30 min, after that insoluble calcium terephthalate
precipitated forming a whitish deposit on the bottom. The solution was filtered, and the solid residue
subjected to appropriate washings to eliminate unwanted reaction residues. At the end of the synthesis,
calcium terephthalate trihydrate is obtained. To eliminate both moisture and water-bound molecules,
the product was kept in a vacuum oven for 2 h at 190 ◦C. Finally, anhydrous calcium terephthalate
(CATAS) was pulverized and sieved to eliminate any conglomerates of salts.

2.2. Production of Composite Materials

Composite materials were manufactured using the melt mixing method by blending the recycled
polyethylene terephthalate matrix with the calcium terephthalate salts as shown in Table 1. A co-rotating
twin-screw extruder, Microcompounder 5 & 15cc by DSM (DSM explorer 5&15 CC Micro Compounder,
Xplore Instruments BV, Sittard, The Netherlands) was used for the mixing at 90 rpm for 60 s by setting
a temperature profile of 250–255–265 ◦C in the three heating zones from top to die. A Micro Injection
Molding Machine 10cc, Xplore line by DSM (DSM explorer 5&15 CC Micro Compounder, Xplore
Instruments BV, Sittard, The Netherlands) was used to produce the samples according to the standards
for flexural and tensile tests. An adequate pressure/time profile was used for the injection of each type
of samples, while barrel and mold temperatures were set at 280 and 120 ◦C, respectively.

Table 1. Developed formulations based on rPET and CATAS.

Sample Name rPET [%] wt. CATAS [%] wt.

rPET 100 —
rPET_0.1CATAS 99.9 0.1
rPET_0.25CATAS 99.75 0.25
rPET_0.4CATAS 99.6 0.4
rPET_0.5CATAS 99.5 0.5
rPET_1CATAS 99 1
rPET_2CATAS 98 2
rPET_3CATAS 97 3
rPET_10CATAS 90 10
rPET_20CATAS 80 20
rPET_30CATAS 70 30
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2.3. Characterization of Terephthalate Salts and rPET/CATAS Nanocomposites

Morphological characterization of salts and rPET/CATAS nanocomposites was carried out using a
field emission scanning electron microscope (FESEM) Supra 25 by Zeiss (Oberkochen, Germany) taking
micrographs with an accelerating voltage of 5 kV at different magnifications. Previously, the samples
were gold sputtered to provide electric conductivity.

X-ray diffraction (XRD) analysis was performed with a diffractometer X’Pert PRO by Philips (Malvern
Panalytical Ltd., Malvern, UK) (CuKα radiation = 1.54060 Å) at room temperature. XRD patterns were
collected in the range of 2θ = 10–80◦ with a step size of 0.02◦ scan and a time per step of 34 s.

Thermal characteristics of rPET/CATAS nanocomposites were investigated with a temperature-
modulated differential scanning calorimeter (MDSC) Q200 by TA Instruments (TA Instrument, Q200,
New Castle, DE, USA). A heating scan between 0 and 300 ◦C was performed at a rate of 10 ◦C/min in
nitrogen flow at 60 mL/min. A three phases model was adopted to describe the higher-order structure
of rPET/CATAS nanocomposites. It was demonstrated that sometimes ΔCp at Tg in semicrystalline
polymers results inconsistent with the amorphous fraction (Xa), if calculated as complement to one of
the crystalline fraction (Xc). In this case, it is possible to calculate the amorphous fraction with the
variation of thermal capacity at Tg and a total rigid fraction (Xf = 1 − Xa) that consists of the crystalline
phase and another fraction of a phase which remains rigid beyond the glass transition region. Since
this rigid phase cannot be detected by ΔCp at Tg that is not properly amorphous phase and it does not
have a crystalline structure, it was defined rigid amorphous phase Xraf:

Xa =
ΔCΔTg

P−meas − wCATAS ∗ ΔCΔTg
P−CATAS

ΔCΔTg
P−aPET

=
ΔCΔTg

P−PET

ΔCΔTg
P−aPET

= 1 − Xf (2)

Xa= 1 − (Xc + Xraf) (3)

where ΔCΔTg
P−meas, ΔCΔTg

P−CATAS , ΔCΔTg
P−aPET are ΔCp at Tg, respectively, for measured nanocomposites,

CATAS and 100% amorphous neat PET, while wCATAS is the weight fraction of the salts in the
nanocomposites. It is assumed that ΔCΔTg

P−aPET = 0.405 J g−1 K−1 and heat of melting of 100% crystalline
PET is ΔH0

m−cPET = 140 J g−1. [21].
Thermogravimetric analysis (TGA) on nanocomposites samples was carried out using Seiko

Exstar 6300 from Seiko instruments (Seiko, Tokyo, Japan). Thermograms obtained from TGA analysis
provides the information related to the thermal stability of material. About 10–15 mg of the sample
was subjected for TGA analysis, performed on the samples between room temperature and 900 ◦C
with heating rate of 10 ◦C/min in nitrogen atmosphere.

A universal electronic dynamometer LR30K by LLOYD Instruments (Lloyd Instrument, Segens
worth West, Foreham, UK) was used to carry out tensile tests by setting a cross-head speed of
5 mm min−1, in accordance with ASTM D638 standard. Three points bending tests were carried out by
setting a span between supports of 64 mm and loading at a deflection rate of 2 mm min−1, according to
the standard ASTM D790. The analysis of mechanical tests data was carried out by using the Nexigen
software (Elis (Electronic Instruments & Systems) s.r.l., Rome, Italy).

Dynamic mechanical analysis of the rPET-based nanocomposites was performed with an Ares N2
rheometer (Rheometric Scientific, Reichelsheim, Germany), by testing samples of about 4 × 10 × 40 mm,
gripped with a gap of about 20 mm and tested with rectangular torsion at a frequency of 2π rad/s with
a strain of 0.05%, with a temperature ramp of 3 ◦C/min applied in the range from 30 to 180 ◦C. Storage
(G’) and loss moduli (G”) as a function of the temperature were determined.
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3. Results and Discussion

3.1. Characterization of Calcium Terephthalate Salts

The structural characteristics of terephthalate calcium salts are shown in Figure 1a [22–24].
The reaction between terephthalic acid and calcium oxide in water was carried out to produce calcium
terephthalate trihydrate salts (CATS) [25]. The production process required an appropriate monitoring
of reaction conditions, by acting on the kinetics and using appropriate additives to obtain the nanometric
structures. Some attempts were made to optimize the characteristics of the fillers. Lastly, insoluble
calcium terephthalate trihydrate salts were obtained by their precipitation in water. A heat treatment
at 200 ◦C for 1 h in a vacuum oven transforms the trihydrate salts (Figure 1b) into the corresponding
anhydrous calcium terephthalate (CATAS) salts (Figure 1c): this step was necessary, being the presence
of bound water harmful for the melt blending process of the nanocomposites, due to hydrolysis
phenomena and formation of cavities within the samples.

 

Figure 1. Chemical structure of calcium terephthalate salts (a) and FESEM morphology in their hydrated
(b) and anhydrous state (c).

Figure 1c shows that after the dehydration (T = 200 ◦C), the anhydrous salts have cracks with
rough surface, revealing that volume contraction happens in the dehydration process [26].

The X-ray diffraction pattern of CATAS shows diffraction peaks at 18.8◦, 21.6◦, 25.7◦, 26.9◦,
and 31.2◦. According to the report by Mou et al., this structure can be indexed with a space group
of C2/c (n. 15) as monoclinic crystal system [17] (Figure 2a). More precisely, the process involves
rotation of the ligand, disconnection, and protonation of the carboxylate group on one side and
partial disconnection and reformation of Ca–O bond on the other side of the ligand. Mazaj proposes
a reversible hydration/dehydration mechanism, which through the breaking of the bonds between
Ca2+ and carboxylate groups, rotating of ligand and re-coordination of COO− groups to Ca2+ centers.
The crystal-to-crystal transformations are driven by the tendencies to change the bonding modes
between COO− and Ca2+ with the change of Ca2+ coordination number. Thus, the decrease of Ca2+

coordination number, which is usually a consequence of activation, leads to a structural rearrangement,
with expansion or contraction of the pores [27].

TG and DTG plots for CATS and anhydrous CATAS (Figure 2b,c) showed multiple decomposition
steps. In the case of CATS, the first peak at a temperature lower than 100 ◦C refers to the loss of
hygroscopic water and any residual volatile additives present during the reaction. The second peak,
at a temperature between 100 ◦C and 170 ◦C, refers to the loss of molecular water since a weight loss of
22% (moisture free weight) corresponds to three water molecules per formula unit. The decomposition
of the acid salts involved the breaking of the carboxyl groups, the formation of carbonates, and the
release of gaseous products. The subsequent mass losses are due to thermal destruction of organic
ligands over 500 ◦C. Figure 2c shows that in the case of anhydrous salts, the main weight loss can be
detected between 500 and 800 ◦C that corresponds to the decomposition of the organic ligands [25,28].
Evaluation of thickness distribution showed that the average size for anhydrous salts was set at
50 ± 5 nm.
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Figure 2. XRD profile for CATAS (a); TG/DTG curves for CATS (b); and CATAS nanofillers (c); thickness
distribution for CATAS (d).

3.2. Characteristics of rPET/CATAS Nanocomposites

3.2.1. DMTA (Dynamic Mechanical Thermal Analysis)

To evaluate the influence of CATAS on viscoelastic behavior of rPET matrix, dynamic mechanical
thermal analysis of high loaded rPET nanocomposites was performed. The variation of the storage
moduli (G’) and tan δ (G”/G’) with temperature are presented in Figure 3a,b, respectively. The storage
modulus behavior in Figure 3a shows that the rPET/CATAS nanocomposites possessed higher storage
modulus compared to the reference rPET below and above the Tg. A gradual increase in storage modulus
is observed with increase in CATAS content in rPET matrix (Table 2). Among the nanocomposite
samples, rPET_30CATAS had the highest storage modulus compared to reference rPET and other
nanocomposite samples. The adsorption of the CATAS onto the macromolecular chains of rPET leads
to a constraint in the chains movement and therefore, an improved storage modulus [29], while a sharp
decrease in the moduli was observed at the glass–rubber transition at around 90 ◦C [4]. Regarding the
glass temperatures (Tg), results of tan δ from the DMTA tests can be seen in Figure 3b and Table 2.
Compared to rPET, the nanocomposites had the maximum of the peak at slightly higher temperature
with increasing content of CATAS temperatures. Thus, the increased value of Tg resulting on the
addition of nanometric salts confirms that the mobility of polymeric chains was slightly reduced, which
in turn affected the flexibility of the samples. On the other hand, the peak values of tan δ increased
with an increase in CATAS up to 10% wt., where the influence of the elastic component starts to prevail
on the viscous one: at higher filler contents (20–30 wt. %), a decrease in the tan δ is observed, mainly
due to a combination of viscoelastic and physical behavior. In details, a prevalent rigid amorphous
fraction (Xraf), formed in the interfacial region between rPET and CATAS, justifies the increase in elastic
modulus, so that the nanofiller is able to restrict the molecular movement of the amorphous rPET
chains both in the interfacial region and in the amorphous region. This restriction is also evident in
the registered G’ values when measured at 150 ◦C (after Tg) (Table 2): the limited decrease in G’ after
the Tg can be mainly related to the CATAS physical interactions that when present in large amount
physically constrains the mobility of the polymeric chains.
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Figure 3. G’ (a) and tan δ curve (b) from DMTA tests for rPET and rPET/CATAS nanocomposites.

Table 2. Calculated values of tan δ and G’ at 50 and 150 ◦C for the rPET/CATAS nanocomposites.

MATERIAL
G’ @ T = 50 ◦C

(×109 Pa)
G’ @ T = 150 ◦C

(×108 Pa)
Tg (at tan δ peak)

(◦C)

rPET 0.89 0.61 90.41
rPET_1CATAS 1.00 0.68 90.48
rPET_10CATAS 1.19 0.96 90.89
rPET_20CATAS 1.47 1.54 91.29
rPET_30CATAS 1.92 2.76 93.43

3.2.2. Mechanical Characterization (Flexural and Tensile Tests)

The influence of CATAS presence on tensile and flexural properties of rPET nanocomposites
was also investigated. Stress-strain curves for flexural and tensile tests of representative samples are
respectively reported in Figure 4a,b, while the variations of the tensile and flexural parameters of all the
rPET_CATAS nanocomposites are included in Figure 4c,d. Complementary information on performed
tests are also summarized in Table 3. The results of tensile strength of the different formulations showed
that when the CATAS content increased from 0.1 to 0.4 wt. %, tangible changes were observed (from
65.5 to 69.4 MPa) and this improvement can be attributed to strong interaction between the salts and
the polymer matrix owing to uniform dispersion of nanoparticles, as further confirmed by following
FESEM analysis. Besides, amounts of nanoparticles higher than 0.4 wt. % negatively affects the
mechanical properties of the nanocomposites, due to agglomeration of nanoparticles [30]. The possible
formation of mechanical percolation networks with the RAF of rPET at interfacial regions with confined
rPET matrix could justify these results above 0.4 wt. % of CATAS loading. As already observed by
Aoyama et al. for grapheme nanoparticles [9], a mechanical percolation threshold can be estimated
at these low loading level (between 1 and 2 wt. % in the case of GNP): a rigid amorphous fraction
of rPET in nanocomposites is formed at the rPET/CATAS interface, due to the aromatic interactions
between the matrix and the filler, both of which contain a π−π conjugation. Molecular chains of rPET in
nanocomposites are clearly confined, in compared with neat rPET: below 0.4% wt. of CATAS loading,
the restriction of rPET chains is mostly limited to the interfacial region (i.e., Xraf), therefore, the stiffness
enhancement effect is dictated by simple mixing rule (increasing value for E from 2887 up to 3131 MPa,
respectively for neat rPET and rPET_0.4CATAS). Above 0.4 wt. %, the restriction of molecular chains
of rPET/CATAS is in turn due to the formation of hybrid mechanical percolation networks of CATAS
with the Xraf of rPET that geometrically restricts the mobility of rPET chains in rPET. This effect was
visible also in the registered values for strain at break, where a visible decrease was noted up to the
same level of CATAS amount (0.4 wt. %), after that the values showed an increase, due to the absence
of Xraf fraction between 0.4 and 2 wt. % of CATAS. When the loading was clearly too high (2–30 wt. %),
the rPET nanocomposites became extremely fragile.

Similar trend in terms of mechanical performance was found for the nanocomposites in
flexural tests. Below the mechanical percolation threshold, estimated between 1% and 2% for
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these nanostructured systems, the flexural strength remains constant. In particular, a threshold value of
0.4% CATAS for the formation of a mechanical percolation network is conceivable; this model justifies
the improvements in the mechanical characteristics of the rPET_0.4CATAS system. The deformation
reaches values two times higher than the matrix, maintaining a good flexural strength. However,
flexural strength decreases for composites with higher nanofiller loadings (beyond 0.4 wt. %), which
could be due to agglomeration of CATAS and reduced interfacial interaction between rPET and
nanofiller [31].

Figure 4. Stress-strain curves from flexural (a) and tensile tests (b), variation of tensile modulus and
strain at break (c), variation of flexural stress and strain (d) for rPET_CATAS nanocomposites at the
different loading levels.

This result can be justified again by the formation of aromatic interactions between the matrix
and the filler. At this threshold the effect of CATAS is optimal and an exceptional performance is
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obtained. At values of reinforcement higher than the 2 wt. % CATAS threshold, the excess filler
produces block of molecular flows (due to the mechanical effect at the filler/matrix interface and due to
the increasing presence of the rigid amorphous phase, which blocks the structure of the composite
limiting the deformability of the samples). In high-filling samples an increase in flexural modulus (see
Figure 4a) is obtained but, when the deformability limit becomes excessive, the fragile behavior causes
premature failure of the samples.

Table 3. Tensile parameters of rPET_CATAS nanocomposites at the different loading levels.

MATERIAL
Young’s Modulus

(MPa)
Stress
(MPa)

Strain at Maximum
Stress (%)

Stress at Break
(MPa)

Strain at Break
(%)

rPET 2887 ±178 65.5 ±3.6 3.99 ±0.21 41.0 ±5.2 244.2 ±16.9
rPET_0.1CATAS 2819 ±283 61.7 ±4.2 3.68 ±0.23 41.7 ±3.1 178.9 ±20.7

rPET_0.25CATAS 3186 ±115 68.9 ±2.3 3.98 ±0.28 41.9 ±1.9 18.3 ±3.6
rPET_0.4CATAS 3131 ±342 69.4 ±1.7 3.89 ±0.27 42.4 ±3.2 19.7 ±4.5
rPET_0.5CATAS 2867 ±201 66.8 ±0.1 3.90 ±0.28 39.6 ±0.5 20.2 ±2.3
rPET_1CATAS 2898 ±206 67.4 ±2.5 3.78 ±0.26 43.2 ±1.7 43.6 ±1.6
rPET_2CATAS 3099 ±145 64.8 ±1.4 3.12 ±0.38 39.4 ±0.5 51.0 ±0.9
rPET_3CATAS 3225 ±148 61.9 ±8.8 2.91 ±0.36 61.8 ±8.8 2.9 ±1.1
rPET_10CATAS 3751 ±549 45.5 ±14.1 1.60 ±0.42 45.5 ±14.1 1.6 ±0.7
rPET_20CATAS 4943 ±517 36.5 ±10.2 1.34 ±0.51 36.5 ±10.3 1.3 ±0.5
rPET_30CATAS 5408 ±645 0.3 0.0 0.04 0.01 0.3 0.0 0.3 ±0.1

3.2.3. XRD Analysis

The XRD patterns of recycled PET and some representative rPET/CATAS nanocomposites (Figure 5)
indicate semi-crystalline triclinic structure for rPET matrix.

θ 

θ 

Figure 5. XRD diffraction curves for rPET and rPET/CATAS nanocomposites at low and high loadings.
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Semi-crystalline PET typically shows characteristic crystalline XRD peaks at 2θ = 17.3, 21.7, 22.8,
26.1 and 32.5◦, corresponding to the (010), (111), (110), (100), (021), (002) and (101) crystal planes [32].
Although some minor peaks are observed as the amount of CATAS increased in the sample, the
intensities of the peaks for rPET decreased in presence of increasing amount of salts, while in parallel
the signals related to the CATAS increased, indicating that polymer and salts maintained their original
structure [33].

3.2.4. Morphological Analysis

The morphology of the samples was investigated by using FESEM analysis, performed on the
fractured surfaces of the specimens after the tensile test. The SEM images of unreinforced rPET and
rPET_CATAS nanocomposite samples at different loading levels are presented in Figure 6. It can be
seen a gradual transition from ductile fractured surface of rPET to essentially fragile morphology of
rPET_10CATAS, while at intermediate fraction (1 wt. % CATAS) the failure behavior changes, becoming
partially brittle. This observation is consistent with the increasing content of amorphous fraction at
higher concentrations: this fraction can act to prematurely fracture the composite, reducing the stiffness
of the composite, due to CATAS role as stress concentration sites, facilitating crack initiation [34].

 

Figure 6. FESEM images of fractured surfaces for rPET and rPET/CATAS nanocomposites.

3.2.5. Thermal Characterization

TGA: The TG weight loss curves and first derivative TG curves for reference rPET and the
nanocomposite samples under nitrogen atmosphere are presented in Table 4 and Figure 7a,b. Neat
rPET exhibited a single-step decomposition profile: the main degradation process during TGA analysis
under nitrogen atmosphere is due to the combined degradation processes—polymer chain degradation
through end group initiated mechanism and the thermal degradation of the products formed during
polymer chain degradation [35]. The thermal decomposition of polymer is leading to thermally stable
cross-linked carbonaceous species which are not undergoing any further decomposition due to the
presence of inert nitrogen atmosphere and hence the large amounts of residue at the end of TGA
analysis. The addition of different amount of CATAS enhanced the thermal stability of the matrix to

162



Polymers 2020, 12, 276

some extent (peak temperature shifted from 426 ◦C for neat rPET to 427 and 441 ◦C for rPET_3CATAS
and rPET_30CATAS), respectively: nevertheless, all the formulations presented a degradation curve
similar to the matrix, with a superposition, in the thermal degradation pattern, due to the concomitant
decomposition of the salts [36]. The values of residual mass at the end of the tests, measured as 13.7%,
12.3% and 23.6% for neat rPET, rPET_3CATAS and rPET_30CATAS, respectively, are in line with the
expected values, according to the registered weight loss for CATAS (43% at the end of the test) already
measured in Figure 2b. The decreased residual mass for the rPET_3CATAS system at the end of the test,
in comparison with rPET, can be justified by considering that in addition to polymer decomposition,
the presence of the alkaline earth metal-based MOF catalyzed the thermal degradation of the neat
matrix, lowering the values for final mass residue.

Table 4. TGA parameters of rPET_CATAS nanocomposites at three representative loading levels (0,
3 and 30 wt. %).

Material
Ton

(◦C)
T20%

(◦C)
Tmax

(◦C)
Residual Mass (%)

(at 900 ◦C)

rPET 350 417 426 13.7
rPET_3CATAS 350 418 427 12.3
rPET_30CATAS 335 439 441 23.6

 

Figure 7. TG curve (a) and DTG curve (b) for rPET and rPET/CATAS nanocomposites at 3 and 30 wt. %
of CATAS.

DSC: DSC heating curves for neat rPET and rPET_CATAS nanocomposites, reported in Figure 8a
(low loading) and Figure 8b (high loading), registered the presence of three main events during the
heating scan: a stepwise endothermic changes for glass transition at around 76 ◦C, an exothermic
peak for cold crystallization at 117 ◦C, and one endothermic peak for crystal melting at 250 ◦C [9].
The peak heat flow for cold crystallization with very low quantity of CATAS nanocomposites become
larger compared with that of neat rPET, indicating that CATAS play the role of nucleating agents
for crystallization in rPET_0.1CATAS and rPET_0.25CATAS nanocomposite samples. Furthermore,
the peak shapes of PET-based nanocomposites became wider, indicating that the nanocomposite cold
crystallization process takes a longer time to complete than for neat rPET. This crystallization peak is
negligible in rPET_0.4CATAS and becomes again visible in rPET_0.5CATAS as in rPET_0.25CATAS.
Despite the variability observed across samples in terms of the cold crystallization behavior, it was
observed for all of the samples that the crystallinity level is almost the same for all the nanocomposites
with a slight increase at higher filler content.
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Figure 8. DSC heating scan for rPET and rPET/CATAS nanocomposites at low (a) and high
(b) loading levels.

The presence of CATAS, in addition to the nucleating effect, produces a blocking effect of the
amorphous phase causing the increase of the fraction of the rigid amorphous phase. At the lower
percentages of filler, the nucleating effect is prevalent on the blocking so that the Xraf remains lower
than 12%. It was hypothesized that the singularity of the rPET_0.4CATAS composite consists of a
condition of equilibrium between the nucleating effect of the crystalline phase and the blocking effect of
the amorphous phase, coordinating the terephthalate structure of the salts with the terephthalic chains
of the matrix. This situation produces a slight increase of Xc with a reduction of Xraf to values close to
rPET neat. The progressive increase of filler in the subsequent formulation bring to a prevalence of the
blocking effect and then to a progressive increase of Xraf. The formation of an important fraction of a
rigid amorphous phase limits the formation of crystals as opposed phenomena, hindering the peak of
cold crystallization. In addition, during the heating, melting and reconstitution of crystallites reach to
an equilibrium between the phases that is influenced by many factors as time, temperature, heating
rate, etc. In our systems, a three-phase model show the phase ratio reported in Figure 9 that helps to
give a comprehensive explanation of the mechanical results [37,38].

Figure 9. Evolution of different phase fractions for rPET and rPET_CATAS content.

As already observed, flexural test at a speed rate of 2 mm/min shows a large strain for rPET and
rPET_0.4CATAS that indeed have a very similar phases ratio with the addition of a possible interfacial
slipping effect of the filler in the composite. Tensile test carried out at higher speed (5 mm/min) shows
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an increase in strength at low amount of CATAS, but it is necessary a larger percentage of filler to obtain
the slipping effect at this strain rate. The blocking effect of Xraf show its effect even on moduli that
increased progressively with the CATAS as soon as the composite become fragile at higher amounts
of filler.

4. Conclusions

Preparation, by melt extrusion, of CATAS reinforced rPET matrix for nanocomposites loaded
at different levels was reported. Results from thermomechanical characterization indicated that
CATAS content can be tailored, opening the use of these materials in unexplored industrially relevant
applications that require high strength and thermal stability at high temperatures.

In detail, it was observed that when the CATAS content increased from 0.1 to 0.4 wt. %, an increase
for tensile strength and elastic moduli was observed. Nevertheless, a threshold weight amount
(0.4 wt. %) of CATAS was also found, by formation at low loading, of a rigid amorphous fraction at
the rPET/CATAS interface, that restricted the mobility, as shown by G’ values measured at temperature
below and above Tg temperature. When the threshold was surpassed, a restriction of rPET/CATAS
molecular chains mobility was also detected, due to the formation, of mechanical percolation networks
in addition to physical restrictions (hydrogen and π-π bonding). Additionally, enhanced thermal
stability of CATAS filled rPET was registered at a high content due to chemical compatibility between
synthetized Ca–Metal Organic Framework and the rPET matrix, rich in stable aromatic rings.

Given the chemical affinity of Ca-based salts and the rPET matrix and the simplicity of the
processing methodology necessary to make these systems, this work can pave the way for the facile
preparation of similar mixed-matrix materials.
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Abstract: This work reports the effect of the addition of an oligomer of lactic acid (OLA), in the
5–20 wt% range, on the processing and properties of polylactide (PLA) pieces prepared by injection
molding. The obtained results suggested that the here-tested OLA mainly performs as an impact
modifier for PLA, showing a percentage increase in the impact strength of approximately 171% for
the injection-molded pieces containing 15 wt% OLA. A slight plasticization was observed by the
decrease of the glass transition temperature (Tg) of PLA of up to 12.5 ◦C. The OLA addition also
promoted a reduction of the cold crystallization temperature (Tcc) of more than 10 ◦C due to an
increased motion of the biopolymer chains and the potential nucleating effect of the short oligomer
chains. Moreover, the shape memory behavior of the PLA samples was characterized by flexural tests
with different deformation angles, that is, 15◦, 30◦, 60◦, and 90◦. The obtained results confirmed the
extraordinary effect of OLA on the shape memory recovery (Rr) of PLA, which increased linearly as
the OLA loading increased. In particular, the OLA-containing PLA samples were able to successfully
recover over 95% of their original shape for low deformation angles, while they still reached nearly
70% of recovery for the highest angles. Therefore, the present OLA can be successfully used as a
novel additive to improve the toughness and shape memory behavior of compostable packaging
articles based on PLA in the new frame of the Circular Economy.

Keywords: PLA; OLA; impact modifier; shape memory; packaging applications

1. Introduction

Polylactide (PLA) is a linear thermoplastic biodegradable polyester that can be obtained from
starch-rich materials by fermentation to give lactide, which is polymerized at the industrial scale
by ring-opening polymerization (ROP) [1]. PLA is a sound candidate to substitute some plastic
commodities such as polypropylene (PP) or polystyrene (PS) in packaging applications [2–6],
electronics [7], automotive [8], agriculture [9], textile, consumer goods, 3D printing applications [10–13],
biomedical devices [14,15], pharmaceutical carriers [16,17], etc. The main advantage of PLA over
other biopolymers is its relatively low cost and overall balanced properties and processability [18,19],
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resulting in compostable articles [20]. In 2018, PLA production represented 10.3% of the worldwide
production capacity of bioplastics, reaching nearly 220,000 tons/year and it is estimated a growth
around 60% by 2023 [21].

Although PLA is a very versatile biopolymer, it results in extremely brittle materials with very low
elongation at break and low toughness [22]. Many research works have been focused on overcoming or,
at least, minimizing the intrinsic brittleness of PLA materials. One possible strategy is copolymerization
with long aliphatic monomers, as suggested by Zhang et al. [23]. This is the case of the new type
of polyester amide (PEA) copolymers developed by Zou et al. [24] combining poly(L-lactic acid)
(PLLA) and poly(butylene succinate) (PBS) flexible segments. A similar approach was developed by
Lan et al. [25] based on PLA-co-PBS copolymers. Nevertheless, the most widely used approach is
blending with other biopolymers due to its cost effectiveness. For instance, Garcia-Campo et al. [26,27]
reported interesting toughening effects on ternary blends composed of PLA, poly(3-hydroxybutyrate)
(PHB), and different rubbery polymers such as PBS, poly(butylene succinate-co-adipate) (PBSA) or
poly(ε-caprolactone) (PCL). Recently, Sathornluck et al. [28] developed binary blends of PLA with
epoxidized natural rubber (ENR), which can positively contribute to improving toughness due to
the effect of the rubber phase finely dispersed in a brittle PLA matrix. Su et al. [29] and Zhang
et al. [30] have also reported different approaches to overcome the intrinsic brittleness of PLA by
adding different contents of PBS using reactive compatibilizers. Fortelny et al. [31] recently reported,
however, that it is possible to obtain “super-toughened” PLA formulations by blending PLA with
poly(ε-caprolactone) (PCL) without any compatibilizer but using the appropriate PCL particle size.
Addition of modified or unmodified particles is another way to overcome the intrinsic PLA brittleness.
For instance, Wang et al. [32] improved the PLA toughness by means of silanized helical carbon
nanotubes (CNTs). Similarly, Li et al. [33] reported the positive effect of cellulose nanofibers (CNFs)
and a Surlyn® ionomer to improve the interfacial interaction between CNFs and PLA, leading to a
remarkable increase in toughness. The work carried out by Gonzalez-Ausejo et al. [34] reported a
clear improvement in toughness by using sepiolite nanoclays as gas barrier and compatibilizer in
PLA/poly(butylene adipate-co-terephthalate) (PBAT) blends.

Even though copolymerization and blending are some of the most used procedures to overcome
the intrinsic brittleness of PLA, plasticization is another interesting approach. Plasticizers have been
widely used in PLA formulations to reduce fragility by decreasing the glass transition temperature (Tg).
Plasticizers contribute to an increase in ductile properties, such as elongation at break, but mechanical
resistant properties are also negatively decreased. Therefore, the use of plasticizers not always provides
enhanced toughness since it depends on both ductile and resistant properties. For instance, Tsou et
al. [35] improved toughness of PLA by using an adipate ester plasticizer. It has also been reported
the positive effect of combining two plasticizers: one solid plasticizer, namely poly(ethylene glycol)
(PEG), and a liquid plasticizer derived from soybean oil [36]. Indeed, many research works have been
focused on using environmentally friendly plasticizers, which can contribute to improving toughness
without compromising the overall biodegradability of PLA. In this regard, Kang et al. [37] described
the usefulness of cardanol obtained from cashew nutshell liquid (CNSL) to obtain a 2.6-fold increase in
toughness over neat PLA. Carbonell-Verdu et al. [38] developed a new series of dual plasticizer and
compatibilizer additives derived from cottonseed oil subjected to epoxidation and/or maleinization as
an environmentally friendly solution instead of using conventional epoxy-styrene acrylic oligomers.
Other similar multi-functionalized vegetable oils have demonstrated good compatibilizing effects on
PLA [39,40] and also on its blends with other biopolymers [41]. Ferri et al. [42] recently reported a
remarkable increase in toughness of neat PLA by using maleinized linseed oil (MLO) as a bio-based
plasticizer, which yielded a slight plasticization that overlapped with chain extension, branching, and
some cross-linking. Tributyl citrate (TBC) has also been proposed as an effective plasticizer for PLA by
Notta-Cuvier et al. [43], who reported the synergistic effect of TBC in PLA formulations containing
halloysite nanotubes (HNTs).
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Oligomers of lactic acid (OLAs) can also provide plasticization to PLA and PLA-based materials [44].
As reported by Burgos et al. [45], OLAs can contribute to a significant decrease in Tg, though their role
as impact modifiers require further research. Therefore, this study focuses on the effect of the addition
of a new type of OLA on PLA pieces prepared by injection molding. In particular, the effect of varying
the OLA content on the mechanical, thermal, thermomechanical properties and the morphology of
PLA was reported. Finally, the shape memory behavior of the pieces was analyzed and related to the
OLA dispersion within the PLA matrix.

2. Experimental

2.1. Materials

PLA was supplied by NatureWorks LLC (Minnetonka, MN, USA) as IngeoTM Biopolymer 6201D.
This PLA grade contains 2 mol% D-lactic acid. It was supplied in pellet form and it had a density
of 1.24 g cm−3 whereas its melt flow index (MFI) was 20 g/10 min, measured at 210 ◦C and 2.16 kg.
OLA was kindly supplied by Condensia Química S.A. (Barcelona, Spain) as Glyplast OLA 2. It was
provided in a liquid form with a viscosity of 90 mPa.s at 40 ◦C. According to the manufacturer, it has
an ester content >99%, a density of 1.10 g cm−3, a maximum acid index of 2.5 mg KOH g−1, and a
maximum water content of 0.1 wt%.

2.2. Manufacturing of OLA-Containing PLA Pieces

As PLA is very sensitive to moisture, the biopolyester pellets were dried at 60 ◦C for 24 h. The OLA
content varied in the 0–20 wt% at weight steps of 5 wt%. The terminology used for the formulations
was “PLA-OLA x%”, where x represents the weight fraction of OLA in PLA. All the compositions were
compounded in a twin-screw co-rotating extruder Coperion ZS-B 18 (Stuttgart, Germany) equipped
with a main hopper in which the PLA pellets were fed and a side feeder for liquids to feed OLA.
The liquid feeder was heated at 50 ◦C during compounding to decrease the OLA viscosity and allow
efficient mixing. The rotating speed was set to 150 rpm while the temperature profile was modified
according to the formulation as shown in Table 1. These temperatures were selected due to the change
in viscosity produced by the OLA addition in order to optimize the processing conditions for each
formulation. After extrusion, the different strands were cooled in air and then pelletized using an
air-knife unit.

Table 1. Temperature profile of the seven barrels in the twin-screw extruder during the compounding
of the polylactide (PLA)/oligomer of lactic acid (OLA) formulations.

PLA
(wt%)

OLA
(wt%)

T (◦C)
Zone 1

T (◦C)
Zone 2

T (◦C)
Zone 3

T (◦C)
Zone 4

T (◦C)
Zone 5

T (◦C)
Zone 6

T (◦C)
Zone 7

100 0 145 150 160 170 175 180 180
95 5 145 150 160 170 175 180 180
90 10 145 150 160 170 170 175 175
85 15 145 150 155 155 160 160 170
80 20 145 150 155 155 160 160 160

The compounded pellets were stored in an air-circulating oven at 60 ◦C for 24 h to avoid moisture
gain. Standard samples for characterization were thereafter obtained in an injection molding machine
Meteor 270/75 from Mateu & Solé (Barcelona, Spain). The temperature profile of the four barrels was
programmed as indicated in Table 2. Similar to the extrusion process, it was necessary to optimize the
temperature profile for each formulation due to the drop in the melt viscosity after the OLA addition.
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Table 2. Temperature profile of the four barrels and maximum pressure in the injection-molding
machine during the manufacturing of polylactide (PLA)/oligomer of lactic acid (OLA) pieces.

PLA (wt%) OLA (wt%) T (◦C) Zone 1 T (◦C) Zone 2 T (◦C) Zone 3 T (◦C) Zone 4
Maximum

Pressure (Bar)

100 0 175 180 185 190 93
95 5 175 180 185 190 90
90 10 160 165 170 175 118
85 15 150 155 165 170 120
80 20 145 150 155 165 125

2.3. Mechanical Characterization

Mechanical properties of the OLA-containing PLA pieces were obtained in tensile conditions
as indicated by ISO 527-1:1996. A universal testing machine ELIB 30 from S.A.E. Ibertest (Madrid,
Spain) was used. At least six different samples were tested at room temperature using a load cell of
50 kN. The cross-head speed rate was set to 10 mm min−1. As recommended by the standard, the
tensile modulus (Et), tensile strength at break (σb), and elongation at break (%εb) were determined
and averaged. The toughness was estimated using the Charpy method following the guidelines of
ISO 179-1:2010 with a 6-J pendulum from Metrotec (San Sebastián, Spain). Unnotched rectangular
samples with dimensions 80 × 10 mm2 and a thickness of 4 mm were tested. The impact strength was
obtained from testing five different samples and calculated as the absorbed-energy per unit area (kJ
m−2). The Shore D hardness was determined in a 673-D durometer from J. Bot Instruments (Barcelona,
Spain) according to ISO 868:2003. Ten different measurements were collected from randomly selected
zones and various samples were tested to obtain the average values.

2.4. Microscopy

The morphology of the fracture surfaces of the OLA-containing PLA pieces was studied by field
emission scanning electron microscopy (FESEM) after the impact tests. A ZEISS Ultra 55 FESEM
microscope from Oxford Instruments (Abingdon, UK) operating at 2 kV was used to collect the FESEM
images at 1000×. To avoid electrical charging during observation, samples were previously coated with
an ultrathin gold-palladium alloy in an EMITECH SC7620 sputter-coater from Quorum Technologies
Ltd. (East Sussex, UK) in an argon atmosphere.

2.5. Thermal Characterization

Thermal properties of the OLA-containing PLA pieces were obtained by differential scanning
calorimetry (DSC) and thermogravimetric analysis (TGA). DSC characterization was performed on a
Mettler-Toledo DSC calorimeter DSC821e (Schwerzenbach, Switzerland). To carry out the DSC runs,
small specimens of each composition with an average weight of 5–7 mg were placed in standard
aluminum crucibles with a total volume of 40 mL and sealed with a cap. Then, the samples were
subjected to a three-step temperature program. A first heating cycle from 30 ◦C to 200 ◦C was followed
by a cooling step down to −60 ◦C and, finally, a second heating cycle from −60 ◦C to 350 ◦C was applied.
The heating and cooling rates were set to 10 ◦C min−1 whereas the selected atmosphere was nitrogen
at a flow-rate of 30 mL min−1. The resultant DSC curves allowed obtaining Tg, the cold crystallization
peak temperature (Tcc), and the melting peak temperature (Tm). Besides, the cold crystallization
(ΔHcc) and melting enthalpies (ΔHm) were obtained from the integration of the corresponding peaks.
The maximum degree of crystallinity (%χcmax) was calculated as indicated in Equation (1):

%χcmax =
ΔHm

ΔH0
m
·100

w
(1)

where w (g) stands for the weight fraction of PLA and ΔHm
o (J g−1) represents the theoretical melting

enthalpy of a fully crystalline PLA polymer, which is close to 93.7 J g−1 [46–49].
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The effect of the OLA addition on the thermal stability of PLA was studied by TGA in a TGA/SDTA
851 thermobalance from Mettler-Toledo (Schwerzenbach, Switzerland). The temperature sweep was
scheduled from 30 ◦C to 700 ◦C at a heating rate of 10 ◦C min−1 in air atmosphere. Samples with an
average weight comprised between 5 and 7 mg were placed on standard alumina crucibles and sealed
with the corresponding cap. The onset degradation temperature, which was assumed at a weight loss
of 5 wt% (T5%), and the maximum degradation rate temperature (Tdeg) were obtained. All DSC and
TGA tests were run in triplicate to obtain reliable results.

2.6. Viscosity Characterization

To study the influence of the OLA addition on the viscosity of PLA, cylindrical disks sizing 40 mm
diameter and 5 mm thickness were manufactured by hot-press molding in a BUEHLER SimpliMet
1000 (Lake Bluff, IL, USA) at a temperature of 165 ◦C and a pressure of 7.5 ton. Parallel-plate oscillatory
rheometry (OR) was conducted in an AR-G2 rheometer from TA Instruments (New Castle, DE, USA) to
obtain the evolution of the complex viscosity (|η*|) as a function of the angular frequency. The selected
isothermal temperature was 200 ◦C and the angular frequency varied in the 100–0.01 rad s−1 range.
The maximum shear strain (γ) was set to 1% and the tests were carried out in air atmosphere in triplicate.

2.7. Thermomechanical Characterization

The effect of the OLA addition on the thermomechanical behavior of PLA was carried out by
dynamic mechanical thermal analysis (DMTA) in a DMA 1 from Mettler-Toledo (Schwerzenbach,
Switzerland) working in single cantilever flexural conditions. Rectangular samples with dimensions
of 10 × 7 mm2 and a thickness of 4 mm were subjected to a dynamic heating program from −30 ◦C
to 130 ◦C at a constant heating rate of 2 ◦C min−1. The maximum deflection in the free edge was set
to 10 μm and the selected frequency was 1 Hz. The storage modulus (E’) and the dynamic damping
factor (tan δ) were collected as a function of increasing temperature.

The dimensional stability of the OLA-containing PLA pieces was studied by thermomechanical
analysis (TMA) in a Q400 thermomechanical analyzer from TA Instruments (New Castle, DE, USA).
The applied force was set to 0.02 N and the temperature program was scheduled from −30 to 120 ◦C in
air atmosphere (50 mL min−1) at a constant heating rate of 2 ◦C min−1. The coefficient of linear thermal
expansion (CLTE) of the PLA pieces, both below and above Tg, was determined from the change in
dimensions versus temperature.

2.8. Characterization of the Shape Memory Behavior

The flexural method was used to evaluate the extension of the shape memory behavior. To this end,
samples were compression-molded into sheets in the hot-press molding with a thickness of 0.4–0.5 mm.
Two different parameters were then calculated to analyze the shape memory behavior in flexural
conditions, namely the shape memory recovery (Rr) and stability ratio (Rf) [50,51]. The procedure is
described as follows. In the first stage, the sheet specimens were deformed at a particular angle θf.
For this, the samples were heated at 65 ◦C and forced to adapt between two aluminum sheets with
different angles (15◦, 30◦, 60◦, and 90◦) to form a sandwich structure: aluminum/PLA sheet/aluminum.
The sandwich was then clamped to allow a permanent deformation to the desired angle. Thereafter,
the sandwich was cooled down to 14 ◦C to achieve its permanent shape after a slight temporary
recovery of θt. Finally, the specimen was heated above its Tg in an air circulating oven at 65 ◦C for
3 min. After this, the final angle, that is, θf, was measured. At least three different sheets were tested
for each composition to obtain reliable values. The same procedure has been used to characterize the
shape recovery behavior in several polymer systems [52,53]. The values of Rf and Rr were calculated
using the following equations:

%R f =
(π− θt)(
π− θ f

) . (2)
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%Rr =

(
π− θ f

)
/(π− θr)(

π− θ f
) . (3)

3. Results and Discussion

3.1. Effect of OLA on the Mechanical Properties of PLA

Table 3 gathers the main results obtained after the mechanical characterization of the PLA pieces
with different OLA contents. As expected, the progressive addition of OLA led to lowering σb values
from 64.6 MPa, for the neat PLA, down to 37.4 MPa, for the PLA pieces containing 20 wt% OLA.
This decreasing tendency was almost linear as it can be seen in the table for the other compositions.
This tendency on mechanical strength is the typical a plasticizer produces on the base polymer. Some
other OLA additives have demonstrated a similar effect on mechanical properties by increasing
remarkably ductility, mainly in the film form, as reported by Burgos et al. [45]. In the latter work, it
was reported an increase in εb from 4% to 315% with an OLA content of 25 wt%, but it is worthy to
note the OLA previously used was designed for plasticization of PLA films. Such dramatic increase in
the εb was not observed when using OLA in this work since the primary use of this type of OLA was
to improve impact strength, as indicated by the supplier and it will be discussed further.

Table 3. Mechanical properties of the polylactide (PLA) pieces with different weight contents of
oligomer of lactic acid (OLA) in terms of: tensile modulus (Et), strength at break (σb), elongation at
break (εb), impact strength, and Shore D hardness.

Piece
Tensile Test Impact Strength

(kJ m−2)
Shore D

HardnessEt (MPa) σb (MPa) εb (%)

PLA 2251 ± 45 64.6 ± 1.1 7.9 ± 0.1 25.7 ± 2.7 78.8 ± 0.9
PLA-OLA 5% 2272 ± 94 52.0 ± 2.1 6.8 ± 0.3 30.4 ± 3.6 81.2 ± 1.4
PLA-OLA 10% 2300 ± 82 42.1 ± 1.7 5.6 ±0.2 54.2 ± 4.8 80.9 ± 2.3
PLA-OLA 15% 2400 ± 58 41.4 ± 1.0 5.3 ± 0.3 69.7 ± 5.2 80.9 ± 0.9
PLA-OLA 20% 2101 ± 91 37.4 ± 2.2 5.0 ± 0.2 38.4 ± 5.7 80.5 ± 0.4

Regarding mechanical ductility, the neat PLA piece showed a very low value of 7.9% and the
addition of OLA did not promote an increase in εb, but a slight decrease down to values of 5%. It is
not usual that a plasticizer promotes a decrease in ductility since the typical effect of a plasticizer
is a decrease in the tensile resistant properties (σb and Et) and an increase in ductile properties (εb).
Nevertheless, it has been reported that some plasticizers promote a clear plasticization that is detectable
by a decrease in Tg while no improvement in ductility occurs. This atypical behavior was reported
by Ambrosio-Martín et al. [54] in PLA films blended with different synthesized OLAs. A εb value of
5.25% was reported for neat PLA, while the addition of 25 wt% of a purified OLA yielded a εb of 2.52%.
It was also reported a slight increase in Et and an apparent decrease in σb, in a similar way as obtained
in this work. It was concluded that, although there is clear evidence of the mechanical plasticization of
OLA-containing PLA films, they were not more deformable, which is also in agreement with the work
performed by Courgneau et al. [55]. Concerning Et, the neat PLA piece was characterized by a value
of nearly 2.2 GPa and the values remained in the 2.2–2.4 GPa range after the addition of OLA. Thus,
the main effect of this type of OLA on the tensile mechanical properties was a remarkable decrease in
σb, which representative for some plasticization, but also a slight decrease in εb. Interestingly, as it
can also be seen in Table 3, the addition of OLA successfully increased the impact strength of PLA.
Neat PLA showed an impact strength of 25.7 kJ m−2, which indicates a brittle behavior, and the only
addition of 5 wt% OLA provided a slight increase in the impact strength to 30.4 kJ m−2. Nevertheless,
the most remarkable changes were obtained for OLA additions of 10 wt% and 15 wt%, showing impact
strength values of 54.2 kJ m−2 and 69.7 kJ m−2, respectively. Therefore, the PLA piece with 15 wt%
OLA presented the maximum impact strength with a percentage increase of approximately 171%
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with regard to the neat PLA. It is also worthy to mention that the PLA piece containing 20 wt% OLA
showed a decrease in impact strength in comparison with the other OLA-containing PLA pieces, thus
suggesting certain OLA saturation in the PLA matrix. In this regard, Fortunati et al. [56] reported the
use of isosorbide diester (ISE) as plasticizer for PLA. It was observed plasticizer saturation at 20 wt%
ISE and this was attributed to a limitation of Tg decrement. In addition, a noticeable decrease in εb

was observed once the plasticizer saturation was achieved. Furthermore, Ferri et al. [57] reported the
plasticization of PLA by fatty acid esters, observing a remarkable decrease in impact strength above
5 parts per one hundred parts (phr) of PLA. Accordingly, a remarkable decrease in Tg was attained
for contents of up to 5 phr whereas, above this, the Tg values did not change in a noticeable way,
corroborating the relationship between the impact and thermal properties. Regarding hardness, one
can observe that the Shore D values remained nearly constant after the OLA addition, showing values
in the 78–82 range. Therefore, the most important feature this OLA can potentially provide to the
mechanical properties of PLA is a remarkable improvement in impact strength while the elasticity can
be slightly improved and ductility reduced. This particular mechanical behavior could be ascribed
to an increase in the sample crystallinity and also to the presence of soft domains of OLA dispersed
within the PLA matrix, simultaneously improving impact strength and reducing flexibility.

As previously indicated, one of the most widely used strategies to improve toughness in PLA-based
formulations is blending with rubber-like polymers such as PCL [58], PBS [29,59], or PBAT [60,61].
In these immiscible blends, the energy absorption is related to presence of finely dispersed rubber-like
small polymer droplets embedded in the brittle PLA matrix. In some cases, a synergistic effect can be
found when different reactive or non-reactive compatibilizers are used. In this work, OLA has the
same chemical structure than PLA, thus leading to miscibility without the need of compatibilizers.
In this regard, Burgos et al. [45] have reported the similarity between the solubility parameters of both
PLA and OLA, which plays an essential role in miscibility. According to this, Figure 1 gathers the
FESEM images corresponding to the fracture surfaces from the impact tests of the PLA pieces with
the different OLA loadings. Figure 1a shows the fracture surface of the neat PLA piece. As one can
observe in this micrograph, the surface was smooth with multiple microcracks presence, which is an
indication of a brittle behavior. As opposite, Figure 1b shows that the fracture surface morphology of
the PLA piece with 5 wt% OLA changed noticeably. Phase separation could not be detected due to the
high chemical affinity between PLA and OLA and the microcracks were not observed but, in contrast,
macrocracks were produced. Therefore, the presence of OLA seems to inhibit microcrack formation
and growth and, therefore, the cracks could grow to a greater extent thus leading to a rougher surface
that is responsible for higher energy absorption during impact. Figure 1c,d show the FESEM images
corresponding to the fracture surfaces of the PLA pieces with 10 wt% and 15 wt% OLA, respectively.
In these images, the above-mentioned effect was more intense then showing rougher surfaces that are
related to enhanced energy absorption. Finally, Figure 1e shows that the PLA piece containing 20 wt%
OLA presented a similar fracture surface than the other pieces and, despite there was a clear loss of
toughness, its morphology did not allow identifying phase separation.
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Figure 1. Field emission scanning electron microscopy (FESEM) images of the fracture surfaces of the
of the polylactide (PLA) pieces with different weight contents of oligomer of lactic acid (OLA): (a) 0
wt%; (b) 5 wt%; (c) 10 wt%; (d) 15 wt%; and (e) 20 wt%. Images were taken at 1000× and scale markers
are of 10 μm.

3.2. Effect of OLA on the Thermal and Rheological Properties of PLA

Figure 2 shows a comparative graph with the characteristic DSC thermograms during first heating
corresponding to the neat PLA piece and the PLA pieces with different OLA loadings. Table 4
summarizes the main thermal values obtained from the thermograms. One can observe that Tg of
neat PLA was located close to 63 ◦C. Then, the PLA sample cold crystallized indicating that the
biopolyester chains could not crystallize in the injection mold. The process of cold crystallization was
characterized by a peak at 109.8 ◦C. Finally, the melting process was defined by a peak temperature
of 170.9 ◦C in which the whole crystalline fraction melted. The effect of the OLA addition on the
thermal properties was remarkable. Concerning Tg, a clear decreasing tendency can be observed.
In particular, Tg was reduced after the OLA addition down to 50.8 ◦C, thus indicating plasticization.
Ambrosio-Martín et al. [54] reported a decrease in Tg with addition of OLA to PLA films from 60 ◦C to
27.7 ◦C, concluding that this fact is directly related to the mechanical properties of OLA and it depends
on the synthesis procedure [62]. In the present work, the Tg value of PLA decreased after the addition
of OLA but this reduction was much lower than other reported to other plasticizers. For instance,
Ljungberg et al. [63] reported a Tg decrease of 30 ◦C with 15 wt% addition of different plasticizers
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such as triacetin, tributyl citrate (TBC), triethyl citrate (TEC), acetyl tributyl citrate (ATBC), and acetyl
triethyl citrate (ATEC).

Δ Δ χ

 

Figure 2. Differential scanning calorimetry (DSC) thermograms corresponding to the polylactide (PLA)
pieces with different weight contents of oligomer of lactic acid (OLA).

Table 4. Thermal properties of the polylactide (PLA) pieces with different weight contents of oligomer
of lactic acid (OLA) in terms of: glass transition temperature (Tg), cold crystallization temperature
(TCC), cold crystallization enthalpy (ΔHCC), melting temperature (Tm), melting enthalpy (ΔHm), and
degree of crystallinity (χcmax).

Piece Tg (◦C) Tcc (◦C) ΔHcc (J g−1) Tm (◦C) ΔHm (J g−1) χcmax (%)

PLA 63.3 ± 1.5 109.8 ± 3.8 28.6 ± 0.8 170.9 ± 1.7 33.4 ± 1.6 35.6 ± 1.7
PLA-OLA 5% 55.9 ± 2.4 97.8 ± 2.1 22.5 ± 5.1 168.2 ± 2.4 46.2 ± 4.5 51.9 ± 4.7
PLA-OLA 10% 53.9 ± 1.9 100.1 ± 2.5 21.9 ± 1.7 167.1 ± 3.0 46.3 ± 4.8 54.9 ± 5.3
PLA-OLA 15% 51.3 ± 0.4 96.7 ± 2.1 26.3 ± 3.8 166.5 ± 2.1 42.4 ± 2.1 53.2 ± 2.5
PLA-OLA 20% 50.8 ± 3.2 99.1 ± 2.4 25.0 ± 2.5 166.9 ± 1.8 34.3 ± 3.2 45.8 ± 4.0

Furthermore, the added OLA induced an internal lubricating effect that shifted the cold
crystallization of PLA to lower temperatures due to an increase of chain mobility. Then Tcc lowered to
values in the range of 96–101 ◦C with the different OLA loadings. Other authors suggested a specific
nucleating effect provided by the short length OLA molecules, which are more readily to pack the
PLA macromolecular structure thus favoring the cold crystallization process [64]. In addition, a small
and broad exothermic peak was seen in the PLA sample processed with OLA, particularly noticeable
at the lowest OLA contents. This exothermic peak is related to a pre-melt crystallization just before
melting. In this regard, one can consider that the presence of OLA promoted the formation of different
crystallites [63]. As reported by Maróti et al. [65] and also Maiza et al. [66], this peak has been observed
in neat PLA depending on the heating rate and the applied thermal cycle. One can also observe a slight
decrease in the Tm value with the increasing OLA content. Similar findings have been reported by
Burgos et al. [62] in PLA films with different OLAs.

In addition to the characteristic values of Tg, Tcc, and, Tm, the enthalpies corresponding to
the cold crystallization and melting processes, that is, ΔHcc and ΔHm, respectively, were collected.
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The maximum degree of crystallinity, that is, χcmax, which does not consider the amount of crystals
formed during cold crystallization, was 35.6% for the neat PLA. Then, χcmax increased up to values of
around 50% for the compositions containing 5–15 wt% OLA, while slightly lower values of crystallinity
were obtained for the composition containing 20 wt% OLA, that is, 45.8%. This increase in crystallinity
can be related to the plasticizing effect of OLA, as earlier reported by Burgos et al. [62] in PLA
formulations with 15 wt% of different OLAs. This latter study also reported a decrease in the Tm value
of approximately 5 ◦C.

Regarding thermogravimetric characterization, Figure 3 shows the mass versus temperature
(Figure 3a) and the first derivative (DTG) versus temperature (Figure 3b) curves for all the PLA pieces.
The main results of the thermal decomposition of PLA-OLA blends are summarized in Table 5. One can
observe that the neat PLA was much more thermally stable than the toughened PLA formulations with
the different OLA loadings. As the OLA content increased, the characteristic TGA curves in Figure 3a
shifted to lower temperatures, thus indicating a decrease in thermal stability. DTG curves were very
useful to determine the maximum degradation rate temperature (Tdeg), which was seen as peaks in
Figure 3b. It can be seen in the graph that there was a clear decreasing tendency of Tdeg with increasing
OLA content. Furthermore, the residual mass for all PLA formulations with OLA was almost the same,
being below 1 wt%.

 

(a) (b) 

Figure 3. (a) Thermogravimetric analysis (TGA) and (b) first derivate thermogravimetric (DTG) curves
corresponding to the polylactide (PLA) pieces with different weight contents of oligomer of lactic acid
(OLA).

Table 5. Main thermal parameters of the polylactide (PLA) pieces with different weight contents
of oligomer of lactic acid (OLA) in terms of: onset temperature of degradation (T5%), degradation
temperature (Tdeg), and residual mass at 700 ◦C.

Piece T5% (◦C) Tdeg (◦C) Residual Mass (%)

PLA 336.1 ± 2.7 375.9 ± 1.9 0.11 ± 0.02
PLA-OLA 5% 327.2 ± 1.2 373.1 ± 2.3 0.57 ± 0.08
PLA-OLA 10% 310.1 ± 3.2 354.3 ± 3.1 0.65 ± 0.12
PLA-OLA 15% 296.5 ± 3.8 350.1 ± 1.8 0.39 ± 0.08
PLA-OLA 20% 254.8 ± 2.8 344.8 ± 2.6 0.53 ± 0.07

Therefore, OLA induced a remarkable reduction in the thermal stability of PLA, as similarly
described by Ambrosio-Martín et al. [54]. In this regard, Burgos et al. [62] also reported individual
TGA characterization of different OLAs with their corresponding thermal degradation parameters.
A variation in the onset degradation temperature was observed from 179 ◦C to 214 ◦C. The lower
thermal stability was related to the lower Tg values. Moreover, it was reported a maximum degradation
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rate temperature ranging from 259 ◦C to 291 ◦C. These characteristic degradation temperatures are
remarkably lower than those of the neat PLA herein studied. As the OLA content in PLA pieces
increased, both the T5% and the Tmax values showed a clear decreasing tendency. This decrease was
more pronounced in the case of T5%, which varied from 336.1 ◦C, for the neat PLA piece, to 254.8 ◦C,
for the PLA piece containing 20 wt% OLA.

As indicated previously, OLA provided a lubricating effect, which could potentially lead to a
subsequent decrease in the viscosity. Figure 4 shows the effect of the different OLA loadings on the
|η*| values of the PLA sheets as a function of the angular frequency. As it can be seen, the effect of the
angular frequency on the complex viscosity was not highly pronounced but it was possible to detect
a decreasing tendency of |η*| with increasing the OLA content. This confirms that OLA lowers the
viscosity of the PLA melt during processing and it can therefore potentially act as a processing aid.
In fact, as indicated previously, it was necessary to adjust the thermal profile for optimum processing
when the OLA content was modified.

 

Figure 4. A comparative plot of the complex viscosity (|η*|) of the polylactide (PLA) sheets with
different weight contents of oligomer of lactic acid (OLA) at a constant temperature of 200 ◦C as a
function of increasing angular frequency.

3.3. Effect of OLA on the Thermomechanical Properties of PLA

The results described above indicated a definite improvement in the PLA toughness by using OLA
as an impact modifier. Mechanical characterization showed a decrease in mechanical strength while
ductility was also slightly reduced. DMTA allows characterization of mechanical properties in dynamic
conditions (sinusoidal applied stress) as a function of a heating cycle. Figure 5 shows the DMTA curves
for the neat PLA piece and the PLA pieces containing different loadings of OLA. The results of the
thermomechanical properties obtained by DMTA are summarized in Table 6. The variation of the
E’ values of the neat PLA (Figure 5a) showed a dramatic drop between 50 ◦C and 70 ◦C, which is
representative of the α-relaxation process of the PLA chains as the glass transition region was surpassed.
In particular, a three-fold decrease in E’ was observed. As the OLA loading increased, the E’ curves
shifted to lower temperatures thus indicating a decrease in Tg, as previously observed by DSC analysis.
In particular, the E’ values decreased from 1500 MPa, for the neat PLA piece, to 1197 MPa, for the
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PLA piece blended with 20 wt% OLA at 30 ◦C. As reported by other authors, both nucleating agents
and plasticizers play a crucial role in the DMTA behavior of PLA [67,68]. Although the characteristic
E’ curves showed a decrease in Tg, more accurate values can be obtained by determining the peak
maximum of tan δ, as observed in Figure 5b. Neat PLA showed a Tg of 68.2 ◦C and the Tg values
decreased progressively as the OLA loading increased, reaching a minimum value of 49.4 ◦C for the
PLA piece containing 20 wt% OLA. These results are in total agreement with the above-described
results obtained during the DSC characterization.

 

(a) (b) 

μ μ

Figure 5. Evolution as a function of temperature of the (a) storage modulus (E’) and (b) dynamic
damping factor (tan δ) of the polylactide (PLA) pieces with different weight contents of oligomer of
lactic acid (OLA).

Table 6. Main thermomechanical parameters of the polylactide (PLA) pieces with different weight
contents of oligomer of lactic acid (OLA) in terms of: storage modulus (E’) measured at 30 ◦C and
70 ◦C, glass transition temperature (Tg), and coefficient of linear thermal expansion (CLTE) below and
above Tg.

Piece

DMTA TMA

E’ at 30 ◦C
(MPa)

E’ at 70 ◦C
(MPa)

Tg * (◦C)
CLTE below Tg

(μm m−1 K−1)
CLTE above Tg

(μm m−1 K−1)

PLA 1500 ± 55 4.9 ± 0.3 68.2 ± 1.2 79.9 ± 3.5 155.4 ± 6.2
PLA-OLA 5% 1467 ± 49 2.4 ± 0.2 59.4 ± 1.4 87.1 ± 4.0 166.4 ± 7.9
PLA-OLA 10% 1389 ± 52 4.6 ± 0.4 56.1 ± 0.7 88.9 ± 3.8 173.8 ± 6.2
PLA-OLA 15% 1343 ± 38 5.2 ± 0.6 52.3 ± 0.9 90.1 ± 1.9 179.9 ± 7.1
PLA-OLA 20% 1197 ± 47 9.9 ± 1.1 49.4 ± 0.8 91.6 ± 3.9 184.5 ± 6.8

* Tg was obtained as the peak maximum of the dynamic damping factor (tan δ).

Another attractive thermomechanical property is the effect of temperature on the dimensional
stability of the PLA-based materials with different OLA loadings. TMA is a very useful technique
to determine the CLTE values, which is a crucial property related to dimensional stability in terms
of temperature exposition. Table 6 gathers these coefficients for the neat PLA piece and the PLA
pieces containing different amount of OLA. As one can observe in the table, two different CLTE values
were determined, one corresponding to the slope below Tg and another one corresponding to that
above Tg. Plasticization can be observed by seeing the CLTE both below and above Tg. A slight
increasing tendency was obtained, thus, indicating more ductility. The CLTE below Tg changed from
79.9 μm m−1 K−1 to 91.6 μm m−1 K−1. The maximum change was therefore 11.7 μm m−1 K−1, which
is a very narrow range, typical of values below Tg then indicating excellent dimensional stability.
Above Tg, the maximum change was 29.1 μm m−1 K−1, which is in accordance with the typical plastic
thermomechanical behavior above Tg.
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3.4. Effect of OLA on the Shape Memory Behavior of PLA

Initially, the shape memory behavior was studied qualitatively by introducing the sheet specimens
into a glass tube at room temperature, as observed in Figure 6a, and remained inside for 5 min to
retain the shape. Then, the crimped PLA sheets were immersed in a water bath at 70 ◦C, above
the biopolyester’s Tg, and allowed to recover their shape. As can it be seen in Figure 5b, flat
sheet shapes were obtained for the PLA materials containing >10 wt% OLA loadings in a short
period of 4–10 s, therefore giving support to the significant effect of OLA on the shape memory
behavior of PLA. Similar results, under the same conditions, were reported in the development of
poly(l-lactide-co-ε-caprolactone) (PLACL), which showed recovery times of approximately 20 s [69].
Another study was focused on PLA/thermoplastic polyurethane (TPU) blends in which the recovery
times at 70 ◦C were very similar to those obtained in this work, that is, 7–12 s [50].

 

Figure 6. Photographs of the qualitative study of the shape memory recovery capacity of the polylactide
(PLA) sheets with different weight contents of oligomer of lactic acid (OLA): (a) initial deformation of
the sheets by introducing them into a glass tube and (b) recovered shape of the sheets after heating at
70 ◦C.

In addition to the qualitative characterization shown above, a quantitative study was carried out
to evaluate the influence of the OLA impact modifier on the shape memory behavior of PLA. Figure 7
shows the evolution of Rr for different angles as the OLA content was increased. As it can be seen
in the plot, the neat PLA sheet showed limited shape recovery properties and, obviously, it highly
depended on the deformation angle. This shape memory recovery was close to 77% for a deformation
angle of 90◦ and it was remarkably lower with more aggressive deformations. For instance, PLA could
only recover 55.5% when the initial deformation angle was 15◦. As the OLA loading increased, the
ability of PLA to recover its initial flat shape (angle of 180◦) increased considerably. It is worthy to
note the effect of the addition of 20 wt% OLA, which yielded an almost constant increase in Rr of
approximately 20% for all the tested angles. Therefore, for this OLA loading, the shape recovery ability
of PLA remarkably improved thus leading to an exciting shape memory behavior. As reported by
Leonés et al. [70], a good shape memory behavior can be attained in electrospun PLA-based fibers
containing different OLA loadings in the 10–30 wt% range.
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Figure 7. Evolution of the percentage of shape memory recovery (%Rr) of polylactide (PLA) sheets
with different weight contents of oligomer of lactic acid (OLA) at different initial deformation angles:
15◦, 30◦, 60◦, and 90◦.

The Rf value is representative for the dimensional stability below Tg, after an initial deformation.
As it can be seen in Table 7, Rf was very high for all the systems, thus indicating excellent dimensional
stability after the first deformation. In general, as the deformation angle was lower, for instance 90º, the
stability ratio was higher, showing recovery values over 98%. Alternatively, if the initial deformation
angle was very aggressive, for instance 15◦, a slight decrease in the stability ratio can be observed down
to values of nearly 85%. Anyway, these stability ratios can be considered high for all compositions and
angles. In this regard, Jing et al. [50] reported lower stability ratios in PLA/TPU blends, which showed
less dimensional stability than the materials developed herein. Therefore, one can conclude indicating
that this type of OLA is also an exceptional additive for shape memory recovery as shown by the high
%Rr and %Rf values obtained.

Table 7. Variation of the percentage of stability ratio (%Rf) after different initial deformation angles (θf)
for the polylactide (PLA) sheets with different weight contents of oligomer of lactic acid (OLA).

Sheet
Rf (%)

θf = 90◦ θf = 60◦ θf = 30◦ θf = 15◦

PLA 99.6 ± 1.3 98.9 ± 2.1 99.6 ± 1.3 88.2 ± 1.1
PLA-OLA 5% 98.7 ± 1.2 98.1 ± 1.3 88.2 ± 1.3 87.2 ± 2.5
PLA-OLA 10% 98.4 ± 1.5 94.2 ± 2.4 96.8 ± 1.5 86.7 ± 1.3
PLA-OLA 15% 99.3 ± 1.4 98.1 ± 1.8 97.8 ± 2.1 85.2 ± 3.6
PLA-OLA 20% 91.4 ± 2.3 96.5 ± 2.4 98.4 ± 1.4 84.9 ± 1.6
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4. Conclusions

The positive effect of OLA to improve PLA toughness was evaluated in this study. The addition
of 15 wt% OLA provided an increase in the impact strength from 25.7 kJ m−2 to almost 70 kJ m−2,
thus showing an extraordinary effect on toughness. Furthermore, the OLA impact modifier also
provided a mechanical plasticization as observed by a decrease in the tensile strength though a slight
reduction in ductility was also noticed. This plasticizing effect was observable by DSC in which the
characteristic Tg of the neat PLA was reduced from 63.3 ◦C to 50.8 ◦C for the PLA piece with 20 wt%
OLA. Moreover, since OLA was less thermally stable than PLA, a decrease in the onset degradation
temperature, reported as T5%, was observed as the OLA loading increased. Nevertheless, the T5%

value corresponding to the PLA piece with the highest OLA loading was still high, that is, 254.8 ◦C,
which successfully allows processing these blends without thermal degradation. Another exciting
feature that this type of OLA can provide to PLA is the improvement of its shape memory behavior.
In particular, the shape memory recovery parameter, that is, Rr, was very high compared to other
PLA-based blends or plasticized PLA systems, thus showing the extraordinary effect of this OLA
on the shape memory recovery. As a general conclusion, the here-studied OLA additive represents
an interesting technical and environmentally friendly solution to improve the intrinsic brittleness of
PLA and it also contributes to somewhat plasticization that allows enhanced shape memory recovery
properties. The resultant toughened PLA materials can be of high interest for the development of
compostable packaging articles, such as food trays and films, or disposable articles, such as cutlery
and straws.
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Abstract: Polyester-based biocomposites containing INZEA F2® biopolymer and almond shell
powder (ASP) at 10 and 25 wt % contents with and without two different compatibilizers, maleinized
linseed oil and Joncryl ADR 4400®, were prepared by melt blending in an extruder, followed by
injection molding. The effect of fine (125–250 m) and coarse (500–1000 m) milling sizes of ASP was
also evaluated. An improvement in elastic modulus was observed with the addition of< both fine
and coarse ASP at 25 wt %. The addition of maleinized linseed oil and Joncryl ADR 4400 produced
some compatibilizing effect at low filler contents while biocomposites with a higher amount of ASP
still presented some gaps at the interface by field emission scanning electron microscopy. Some
decrease in thermal stability was shown which was related to the relatively low thermal stability and
disintegration of the lignocellulosic filler. The added modifiers provided some enhanced thermal
resistance to the final biocomposites. Thermal analysis by differential scanning calorimetry and
thermogravimetric analysis suggested the presence of two different polyesters in the polymer matrix,
with one of them showing full disintegration after 28 and 90 days for biocomposites containing 25 and
10 wt %, respectively, under composting conditions. The developed biocomposites have been shown
to be potential polyester-based matrices for use as compostable materials at high filler contents.

Keywords: almond shell waste; reinforcing; polyester-based biocomposites; physicochemical
properties; disintegration

1. Introduction

Almond is characterized by its high nutritional value, although information reported so far mainly
concerns its edible kernel or meat. Other parts also present in the almond fruit are the middle shell,
outer green shell cover or almond hull and a thin leathery layer known as brown skin of meat or
seed coat [1]. Almonds are used as a fruit in snack foods and as ingredients in a variety of processed
foods, especially in bakery and confectionery products. However, almond production generates
large amounts of almond by-products since the nutritional and commercial relevance of almonds
is restricted to the kernel. In particular, almond shell is the name given to the ligneous material
forming the thick endocarp or husk of the almond (Prunus amygdalus L.) tree fruit. It is principally
composed of cellulose (ranging from 29.8 to 50.7 wt %), hemicellulose (from 19.3 to 29.0 wt %) and
lignin (from 20.4 to 50.7 wt %) [1]. This by-product is normally incinerated or dumped without control,
which results in the production of large amounts of waste and pollution [2]. Several researchers
have focused on different alternatives for using almond shell wastes based on their potential uses
as biomass to produce renewable energy [3]; as a source of organic biopesticides [4], heavy metal
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adsorbents [5], dye adsorbents [6], growing media [7], the preparation of activated carbons [8] and
xylo-oligosaccharides [9], antioxidants [10] or as additives in eco-friendly composites [11–13].

The development of eco-friendly composites arises from the need for reducing environmental
problems generated by industrial processes. In this scenario, agricultural waste utilization has become
a potential option for the development of eco-friendly composites. This powerful area of interest presents
several benefits such as biodegradability in combination with bio-based or natural polymers, light
weight, low cost and easy processing [14,15]. Among the wide variety of lignocellulosic wastes, almond
shell powder has been already considered as filler for commodity plastics, such as polypropylene [16–20],
polyethylene [21], poly(methyl methacrylate) [22] and toughened epoxies [23,24].

Looking at a more environmentally friendly use, the role of ASP has been recently studied in
enhancing the mechanical performance of some melt compounded biopolymers [25–27]. Nonetheless,
due to the lack of miscibility between hydrophobic polymer matrices and highly hydrophilic almond
shell fillers, the obtained green composites usually presented poor ductility and low thermal stability.
In order to increase the interaction between them, several solutions have been proposed, such as
silanization, acetylation and maleic anhydride modification [28]. Plasticizers could also act as internal
lubricants, thus allowing chain mobility, which enhances processability and improves thermal stability
and ductility. Recently, vegetable oils have been proposed as environmentally friendly compatibilizers
as an alternative to conventional petroleum-based ones [29]. Specifically, maleinized linseed oil (MLO)
has been used as a compatibilizer in biopolymer/ASP composites [11,30,31]. In these works, authors
discussed plasticization and compatibilization effects provided by MLO due to the interaction between
succinic anhydride polar groups contained in MLO and hydroxyl groups in ASP (hydroxyl groups in
cellulose). The compatibilizing effect was obtained by melt grafting for the formation of new carboxylic
ester bonds through the reaction of maleic anhydride functionalities present in MLO with the hydroxyl
groups of both the polyester terminal chains and cellulose on the ASP surface. On the other hand,
the possibility of improving the stress transfer between the filler and the polymer can be realized by
reactive processing with chain extenders [32].

The main aim of the present work is the development and characterization of new biocomposites
prepared using a commercial INZEA® biopolymer (mainly composed of a polyester-based matrix)
containing almond shell powder at 10 and 25 wt % contents. The effect of adding two different
milling sizes (125–250 μm and 500–1000 μm) in the biocomposites preparation was also evaluated.
In addition, the potential of maleinized linseed oil as a compatibilizer was studied. The effect of this
vegetable-oil-derived compatibilizer was also compared with a conventional epoxy styrene-acrylic
oligomer (Joncryl ADR 4400) in terms of mechanical properties, thermal stability and blend morphology.
Biocomposites containing 10 and 25 wt % of ASP at two grinding levels were submitted to
a disintegration test in order to verify the effectiveness of the developed polyester/ASP composites to
be used as compostable materials.

2. Materials and Methods

2.1. Materials

INZEA® biopolyester commercial grade, with a density of 1.23 g cm−3 measured at 23 ◦C,
a moisture content <0.5% and a melt flow rate of 19 g/10 min (2.16 kg, 190 ◦C), was kindly supplied by
Nurel (Zaragoza, Spain). Almond shell (AS) waste used as filler was supplied by Fecoam (Murcia,
Spain) as an agricultural by-product and pulverized with a high-speed rotor mill (Ultra Centrifugal
Mill ZM 200, RETSCH, Haan, Germany). The obtained particles were sieved by selecting the sizes of
the ground shells in the ranges of 125–250 μm as fine grain (F) and 500–1000 μm as coarse grain (C)
to evaluate the effect of particle size in the composites. Two different compatibilizers were selected
to improve the compatibility between the polyester-based matrix and the natural filler: a synthetic
polymer chain extender with recognized efficacy as compatibilizer supplied as Joncryl ADR 4400®

(J44) (BASF S.A, Barcelona, Spain) and a biodegradable additive obtained by the maleinizing treatment

190



Polymers 2020, 12, 835

of linseed oil, supplied as Veomer Lin by Vandeputte (Mouscron, Belgium, viscosity of 10 dPa s at
20 ◦C and an acid value of 105–130 mg KOH g−1).

2.2. Biocomposites Preparation

Biocomposite materials were obtained using the melt blending method by mixing the biopolymer
matrix with the almond particles, obtained by grinding and sieving the almond shells as previously
described and the additives according to the proportions shown in Table 1. A co-rotating twin-screw
extruder, Xplore 5 & 15 Micro Compounder by DSM, was used by mixing at a rotating speed of
90 rpm for 3 min and setting a temperature profile of 190–195–200 ◦C in the three heating zones from
feeding section to die. A Micro Injection Molding Machine 10 cc by DSM, coupled to the extruder
and equipped with adequate molds, was used to produce samples for flexural tests according to the
standards. An appropriate pressure/time profile was used for the injection of each type of sample,
while the temperatures of the injection barrel and the molds were set, respectively, at 210 and 30 ◦C.

Table 1. Formulations obtained in this work and their codification.

Formulation
Biopolymer

(wt %)
Milled

ASP (wt %)
Grain Size * J44 (wt %) MLO (wt %)

INZEA 100.00
INZ_10ASF 90.00 10 F
INZ_10ASC 90.00 10 C
INZ_25ASF 75.00 25 F
INZ_25ASC 75.00 25 C

INZ_10ASF_1J 89.10 10 F 0.90
INZ_10ASC_1J 89.10 10 C 0.90
INZ_25ASF_1J 74.25 25 F 0.75
INZ_25ASC_1J 74.25 25 C 0.75

INZ_10ASF_5MLO 85.50 10 F 4.50
INZ_10ASC_5MLO 85.50 10 C 4.50
INZ_25ASF_5MLO 71.25 25 F 3.75
INZ_25ASC_5MLO 71.25 25 C 3.75

* Fine grain (F): 125–250 μm; coarse grain (C): 500–1000 μm. J44: Joncryl ADR 4400; MLO: maleinized linseed oil.

2.3. Almond and Biocomposites Characterization

2.3.1. Field Emission Scanning Electron Microscopy

Morphological characterization of ASP was carried out using a field emission scanning electron
microscope (FESEM), Supra 25 by Zeiss (Oberkochen, Germany). The surfaces and the fractures of
biocomposites were analyzed with a FESEM Merlin VP Compact by ZEISS. In both cases, micrographs
were taken using an accelerating voltage of 5 kV at different magnifications. Samples were previously
gold-sputtered with an Automatic Sputter Coater, B7341 by Agar Scientific (Stansted, Essex, UK),
operating with a vacuum atmosphere (0.1–0.005 mbar) and low current (0–50 mA) to provide
electric conductivity.

2.3.2. Thermal Characterization

Thermogravimetric analysis of ASP was performed with thermogravimetric analysis (TGA; (Seiko
Exstar 6300, Tokyo, Japan). Approximately 5 mg of samples were heated from 30 to 600 ◦C at 10 ◦C
min−1 under nitrogen atmosphere (flow rate 200 mL min−1).

Differential scanning calorimetry (DSC) tests were conducted for the determination of thermal
events by using a DSC (Q1000, TA Instruments, New castle, DE, USA) under a nitrogen atmosphere
(50 mL min−1). A 3 mg amount of samples were introduced in aluminum pans (40 μL) and they were
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submitted to the following thermal program: −30 ◦C to 250 ◦C at 10 ◦C min−1, with two heating and
one cooling scans.

The thermal degradation behavior of biocomposites in composting conditions was evaluated by
thermogravimetric analysis (TGA/SDTA851e/SF/1100, Mettler Toledo, (Schwarzenbach, Switzerland).
Around 5 mg of samples were used to perform dynamic tests in a nitrogen atmosphere (200 mL min–1)
from 30 ◦C to 700 ◦C at 10 ◦C min−1.

2.3.3. Mechanical Properties

Flexural tests were carried out by using a universal test machine LR30K (Lloyd Instruments
Ltd., Bognor Regis, UK) at room temperature. A minimum of five different samples was tested using
a 0.5 kN load cell, setting the crosshead speed to 2 mm min−1 for three points bending test, as suggested
by ISO 178 Standard.

2.3.4. Disintegrability in Composting Conditions

Disintegration tests in composting conditions were performed, in triplicate, by following the ISO
20200 Standard method using a commercial compost with a certain amount of sawdust, rabbit food,
starch, oil and urea [33]. Tested samples were obtained from the previously prepared dog-bone-shaped
bars, which were cut in pieces (5 × 10 × 2 mm3), buried at a 5 cm depth in perforated boxes and
incubated at 58 ◦C. The aerobic conditions were guaranteed by mixing the compost softly and by the
periodical addition of water according to the standard requirements.

Different disintegration times were selected to recover samples from burial and further tested: 0,
4, 7, 15, 21, 28, 40, 69 and 90 days. Samples were immediately washed with distilled water to remove
traces of compost extracted from the container and further dried at 40 ◦C for 24 h before gravimetric
analysis. The disintegrability value for each material at different times was obtained by normalizing
the sample weight with the value obtained at the initial time.

The evolution of disintegration was monitored by taking photographs of recovered samples for
visual evaluation of physical alterations with disintegration time. In addition, thermal (DSC, TGA)
properties upon disintegrability tests were also studied.

2.4. Statistical Analysis

Statistical analysis of experimental data was performed by one-way analysis of variance (ANOVA)
using SPSS 15.0 (IBM, Chicago, IL, USA) and expressed as means ± standard deviation. Differences
between average values were assessed based on the Tukey test at a confidence level of 95% (p < 0.05).

3. Results

3.1. Characterization of Almond Shell Powder

3.1.1. Morphological Analysis

Low-magnification FESEM micrographs of almond shell waste at the two different studied sizes
(125–250 μm, fine, and 500–1000 μm, coarse), reported in Figure 1, showed a general view typical of
fillers obtained after grinding and sieving processes. Almond shell was shown to have a sheet-like
structure. In addition, a series of 1 μm pores were observed on the almond surface (see inserts) [34].
Most of the particles were characterized by a spherical shape, though some aggregates, as well as
flat and long rod-like particles, were also observed. A detail of the particle surface can be seen in
the high-magnification FESEM images. The micrographs revealed that the particles were irregular
in shape and presented a rough surface, more likely resulting from the crushing process due to the
high hardness of this type of filler. Some granular features can also be observed, which resemble the
original grainy and wavy structure of almond shell [35].
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Figure 1. FESEM images of fine (a) and coarse (b) almond shell powders.

3.1.2. Thermal Properties

TG and derivative DTG profiles obtained for ASP (coarse size) under the nitrogen atmosphere at
a heating rate of 10 ◦C min−1, reported in Figure 2, showed the typical thermal degradation profile for
biomasses with three well-demarked steps for moisture release, devolatilization and char formation.
Weight loss in the lower temperature region can be attributed to the loss of moisture, while major
weight loss was observed at temperatures ranging from 225 to 365 ◦C, over which hemicellulose and
cellulose decomposition occurs, leading to the formation of pyrolysis products (volatiles, gases and
primary biochar) [36]. This phenomenon was followed by a slow weight loss until 600 ◦C, which was
attributable to the continuous devolatilization of biochar caused by a further breakdown of C–C and
C–H bonds.

Figure 2. TGA analysis of almond coarse shell powder.

3.2. Characterization of ASP Biocomposites

3.2.1. Flexural Tests

Flexural tests provided information on the effect of the amount and size of ASP incorporated in
the composite, as well as on the effect of adding the studied compatibilizing additives. In general,
results show that the addition of the filler did not improve the maximum strength or strain at break
with respect to the reference polymer matrix (Table 2). The elastic modulus of the biocomposites was
improved only in formulations containing 25 wt % of both fine and coarse filler. The comparison
of flexural tests for formulations with 10 wt % of ASP (Table 2 and Figure 3) showed that the size
of the coarse grain gives greater rigidity than the fine grain by increasing strength and modulus
but slightly reducing elongation. In fact, the presence of 10 wt % of fine filler in the INZEA_10ASF
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biocomposite produced a maximum strength value of 44 MPa with a flexural modulus of 1473 MPa,
lower than the biocomposite with the coarse filler INZEA_10ASC, which showed σmax = 47 MPa and
E = 1699 MPa values. Nabinejad et al. [37] reported that the surface roughness and high surface area of
coarse powder particles could have a positive effect on the mechanical performance of composites,
being able to restrict the polymer chain mobility. Porosity and roughness of the hydrophilic surface
for coarse almond shell powder would be expected to increase its wettability by the polymer matrix.
So, as a result, the INZEA_10ASC composite showed high stiffness values compared to composites
containing fine filler (INZEA_10ASF) with low surface roughness and porosity. Additionally, results
from Zaini et al [38] confirmed that composites filled with a larger-sized filler showed higher modulus,
tensile and impact strengths, particularly at high filler loadings.

Table 2. Flexural parameters for almond shell powder (ASP)-based biocomposites (mean ± SD, n = 5).

Formulation σmax (MPa) ε(%) at σmax E (MPa)

INZEA 66 ± 2 7.9 ± 0.2 1913 ± 13
INZEA_10ASF 44 ± 2 4.4 ± 0.4 1473 ± 16

INZEA_10ASF_5MLO 36 ± 1 4.9 ± 0.3 1170 ± 15
INZEA_10ASF_1J 48 ± 2 5.5 ± 0.6 1414 ± 8

INZEA_25ASF 50 ± 1 3.0 ± 0.2 2537 ± 35
INZEA_25ASF_5MLO 44 ± 1 4.0 ± 0.2 1838 ± 22

INZEA_25ASF_1J 56 ± 2 3.5 ± 0.1 2555 ± 61
INZEA_10ASC 47 ± 2 4.0 ± 0.3 1699 ± 32

INZEA_10ASC_5MLO 38 ± 2 5.4 ± 0.6 1300 ± 33
INZEA_10ASC_1J 47 ± 2 4.2 ± 0.4 1653 ± 24

INZEA_25ASC 47 ± 2 3.0 ± 0.2 2392 ± 77
INZEA_25ASC _5MLO 35 ± 1 3.5 ± 0.1 1732 ± 7

INZEA_25ASC _1J 53 ± 1 3.7 ± 0.2 2394 ± 25

σmax: flexural strength; ε at σmax: strain at maximum stress; E: Young’s Modulus.

Figure 3. Stress–strain curves of polyester-based biocomposites containing 10 and 25 wt % of ASP at
two grinding levels (F, C), with or without compatibilizers.

The addition of 5 wt % of MLO in the biocomposite formulation produced a compatibilizing
effect lower than expected. In fact, the improvement in deformability moved from 4.4% to 4.9% of
INZEA_10ASF_5MLO and from 4.0% to 5.4% of INZEA_10ASC_5MLO in the formulations with MLO
and 10 wt % ASP fine and coarse, respectively, with a consistent reduction in both flexural strength and
flexural modulus. If the modest plasticizing effect is excluded, the MLO did not produce improvements
of the interface strength between the natural filler and the biopolymer matrix. Effectiveness of
maleinized linseed oil has been demonstrated in composites based on lignin fillers and, specifically,
from ground almond shells and some biodegradable polymers, such as poly(lactic acid) (PLA) and
lignin. In this case, the poor result obtained with the INZEA matrix should be attributed to the
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particular composition of the commercial biopolymer used (a bio-based blend mainly composed
of a polyester matrix) [30,39,40]. Joncryl ADR 4400 added to the formulation with fine particles
INZEA_10ASF_1J produced an increase in flexural strength from 44 to 48 MPa. This improvement is
due to the compatibilizing effect of the polymer chain extender, which improves the adhesion between
the matrix and the particles allowing a greater deflection. This effect is highlighted by the perfect
overlap between the σ−ε curve of the unmodified INZEA_10ASF and the INZEA_10ASF_1J curve
which, thanks to the J44, extends up to 5.5% increasing the flexural strength [41]. The effect of Joncryl
was negligible on biocomposites with coarse grain, since the compatibilization effect at the interface
between the matrix and the filler was much lower (about 6%) than biocomposites with fine particles.
In fact, when simplifying the particles as spherical and calculating the ratios between coarse and fine
surfaces, with the same wt % content, an area ratio of 0.0625 was obtained.

When increasing the quantity of filler to 25 wt %, an increase in the rigidity of the biocomposites
was obtained. The result is a general increase in flexural strength and moduli, which corresponds to
a reduction in deflection. Even in formulations with a higher content of the natural filler, MLO did
not produce any other effects than those already shown in the set with 10 wt % of ASP. The flexural
strength of the biocomposite containing 25 wt % of fine particle (INZEA_25ASF) rises to 50 MPa
(44 MPa for INZEA_10ASF), while the INZEA_25ASC composite maintains the same value of 47 MPa
as 10 wt % of filler, highlighting the achievement of the plateau of the coarse grain reinforcement. In the
case of the higher amount of ASP, the compatibilizing effect of Joncryl appears even more evident,
since a better interface bonding between the matrix and the filler was achieved. INZEA_25ASF_1J
showed a further increase in flexural strength reaching 56 MPa, with an improvement in modulus to
2555 MPa and without excessively reducing the flexural deflection. In addition, INZEA_25ASC_1J
with Joncryl showed an improvement in strength going up from 47 to 53 MPa, but in this case, the
compatibilizing effect of J44 was less evident, because it occurred on a smaller interface surface,
compared to fine-grain-sized biocomposites, due to the larger particle size [13].

3.2.2. Morphological and Thermal Analysis

In Figure 4, FESEM images of fractured surfaces for INZEA/ASP composites (uncompatibilized
and compatibilized biocomposites) are reported. As it can be observed, in the case of the unmodified
matrix, the polymer-particle adhesion was very poor, both at low and high ASP contents, so important
gaps can be found between the particles and the surrounding polyester matrix [11]. This morphological
observation correlates with the above-described mechanical performance of the unmodified INZEA
composites, in which the presence of ASP did not contribute to an improvement in mechanical
performance. The addition of 5 wt % MLO provides some interaction as the gap seems to be reduced,
indicating a limited but good compatibilizing effect of MLO modifier, but at the same time, the presence
of microsized voids in the matrix compatibilized with 5 wt % of MLO was visible [30]. In the presence
of a styrene-acrylic-based compatibilizer and oligomeric agent, an improvement in the interface with
ASF and ASC was noted at higher contents (25 wt %), even if biocomposites containing the higher
amount presented some gaps at the interface. So, it can be concluded the chain extender was effective
at both filler contents [42].

Figure 5a,b shows the TG/DTG thermograms of the INZEA matrix with the addition of 25 wt %
ASP at the two different grinding sizes. Only the trends in thermal behavior for the biocomposites
containing the higher ASP content have been reported, being the ones at 10 wt % essentially inline
(data not shown). The presence of a double degradation peak for the INZEA neat matrix gives us an
indication of a material that degrades in two steps around 350 and 400 ◦C, that could match with the
possible degradation temperatures of PLA and poly(butylene succinate) (PBS) polyesters. It is also
important to note that at 900 ◦C, even the unmodified INZEA matrix maintains a residual mass of
ca. 5 wt %, which is increased by the presence of the fillers. This is in accordance with the possible
presence of an inorganic filler in the formulation of the commercial product.
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Figure 4. FESEM images of INZEA-based biocomposites with 10 and 25 wt % of ASP at the two
grinding levels (fine, coarse), with or without compatibilizers.
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Figure 5. TG/DTG curves of INZEA-based biocomposites with 25 wt % of ASP at the two grinding
levels (a,b) and INZEA biocomposites with 25 wt % of ASP in the presence of MLO or Joncryl
compatibilizers (c,d).
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The TG curves corresponding to INZEA/ASP composites showed an evident decrease at the
onset degradation temperature from 324 ◦C for neat INZEA to 275 ◦C and 280 ◦C, respectively,
for INZEA_25ASC and INZEA_25ASF (Table 3). This behavior is essentially due to the relatively
low thermal stability of the lignocellulosic filler, which initiated its degradation at 198 ◦C (Figure 2),
and negatively contributed to the reduction of the global thermal stability of the INZEA-based
biocomposites, in agreement with previous studies on the same bio-based reinforcement [17,20].
The introduction of the ASP filler mainly affected the thermal stability of the polyester component
with the lower Tpeak temperature (maximum mass loss rate): in detail, Tpeak1 moved from 351 ◦C
to 311 ◦C and 334 ◦C for INZEA_25ASF and INZEA_25ASC, respectively, while the temperature for
the second peak (Tpeak2) remained practically unchanged for all the different composites (Table 3).
This behavior was related to the higher amount of ASP incorporated and its degradation over this
temperature range. According to other authors, cellulose, hemicelluloses and lignin show a broad
temperature range starting at about 250 ◦C and ending at 450 ◦C in a progressive weight loss process,
and this degradation can reduce the thermal stability of biopolyesters [43–45]. Similar findings were
reported by Liminana et al. [31] who observed a decrease of 11.2 ◦C in thermal stability of PBS with the
addition of 30 wt % of almond shells.

Table 3. Tonset and Tpeak values of INZEA-based biocomposites with 25 wt % of ASP at the two grinding
levels with and without MLO or Joncryl compatibilizers (mean ± SD, n = 3).

Formulation Tonset (◦C) Tpeak1 (◦C) Tpeak2 (◦C)

INZEA 324 ± 1 351 ± 2 385 ± 1
INZEA_25ASF 280 ± 2 311 ± 2 391 ± 2

INZEA_25ASF_5MLO 285 ± 2 328 ± 2 388 ± 3
INZEA_25ASF_1J 285 ± 1 329 ± 1 390 ± 2

INZEA_25ASC 275 ± 2 334 ± 1 390 ± 2
INZEA_25ASC _5MLO 275 ± 3 341 ± 3 392 ± 4

INZEA_25ASC _1J 291 ± 3 339 ± 2 390 ± 3

Tonset: initial degradation temperature; Tpeak1 and Tpeak2: first and second maximum degradation temperatures,
respectively.

The addition of MLO (Figure 5c,d) exerted a limited positive effect on the overall thermal
stability of the biocomposites (Table 3). Specifically, the onset degradation temperature increased to
285 ◦C for INZEA_25ASF_5MLO and substantially remained unchanged for INZEA_25ASC_5MLO
(if compared to uncompatibilized matrices). On the other hand, the temperature of Tpeak1 was
significantly improved, in comparison with the unmodified ASP biocomposites, at the two grinding
sizes. In particular, Tpeak1 was delayed up to 328 ◦C for the INZEA_25ASF_5MLO material and 341 ◦C
for the INZEA_25ASC_5MLO material. This increase in thermal stability could be directly related to
the chemical interaction achieved by MLO, due to the establishment of covalent bonds between the
lignocellulosic fillers and the polyester matrix. In addition, MLO could also provide a physical barrier
that obstructs the removal of volatile products produced during decomposition. A similar effect on
thermal stability was recently reported for PLA and epoxidized palm oil blends [46].

It has been also reported that the reactive extrusion of aliphatic polyesters, such as PLA, with
styrene-epoxy acrylic oligomers can provide an increase in thermal stability due to the branching effect
obtained during the extrusion process. As it has been found in our case (Figure 5c,d), the presence of
Joncryl provided enhanced thermal resistance for the low Tpeak polyester phase, moving this value
from 311 ◦C and 334 ◦C (INZEA_25ASF and INZEA_25ASC), respectively, to 329 ◦C and 339 ◦C for
INZEA_25ASF_1J and INZEA_25ASC_1J (Table 3). This effect was already observed by Lascano et al
in poly(lactic acid)/poly(butylene succinate-co-adipate) blends containing Joncryl [47].
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3.3. Disintegration Tests

According to the characterization results previously obtained, the disintegrability of polyester-
based biocomposites with 10 and 25 wt % of ASP at two grinding levels (F, C) was studied to evaluate
their degradation in natural environments. Formulations including the two studied compatibilizing
agents were not included in this study, since the main goal of this characterization was the analysis of
ASP size and content on disintegration behavior of the reference matrix.

The visual evaluation of all samples at different degradation times was carried out and results are
shown in Figure 6. Some changes in sample surfaces submitted to composting conditions were clearly
appreciable, showing all samples considerable modifications in color and morphology after 15 treatment
days. These modifications can be associated to the beginning of the polymer matrix degradation, which
can be related to the direct contact of biocomposites with the compost, by a gradually microorganism
erosion from the surface to the bulk and to the moisture absorption, as it has been reported in the
literature [45]. After 69 days of study, samples with 25 wt % of ASP have completely lost their
morphology, and small fragments can be observed (in particular for INZEA_25ASC). In addition,
differences in color could be observed between samples with different amounts of ASP. Formulations
with 10 wt % of ASP showed disintegration behavior similar to that of INZEA neat during all the study.

 

Figure 6. Visual appearance of INZEA-based biocomposites with 10 and 25 wt % of ASP at two grinding
levels (F, C) at different testing days at 58 ◦C.

Figure 7 shows the evolution of disintegrability values (%) as a function of testing time for all
biomaterials. According to de Olivera et al. [48], the first stage of the biodegradation mechanism is the
release of enzymes that can cause the hydrolysis of the polymer matrix and break of polymer chains,
creating functional groups capable of improving hydrophilicity and the microorganism’s adhesion
on the surface of the polymer matrix. The results obtained at longer times suggested that physical
degradation progressed slowly with burial time, indicating that microorganisms required more time to
produce suitable enzymes capable to break down polymer chains, resulting in an incomplete loss of
the initial morphology and general rupture after 90 days for formulations with 10 wt % of ASP and the
INZEA control. Formulations with 25 wt % of ASP significantly increased their disintegrability ratio
compared to formulations with 10 wt % of ASP and INZEA control after 28 days of study, probably due
to the higher amount of ASP, which enhances the high biodegradability of lignocellulosic residues, and
to the poor fiber/matrix adhesion allowing and facilitating microorganisms attack and biodegradation
rate by promoting biofouling and the adhesion of microorganisms to the surface [49]. Moreover, this
increase in the disintegrability rate of the polymer matrix could be due to the presence of hydroxyl
groups in ASP [49], which could play a catalytic role on the hydrolysis of the polymer, inducing an
acceleration of polymer weight loss due to the higher filler addition [50]. Similar results were found by
Wu [51] and de Oliveira et al. [48] when studying the biodegradation of composites obtained with
poly(butylene adipate-co-terephthalate) and different natural fillers. The authors observed that the
biodegradation rate of the composites increased with filler content. In this sense, the presence of high
amounts of ASP can be related to a greater discontinuity in the polymer matrix which could facilitate
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water penetration into the biocomposites producing a huge modification of the surface and generating
a natural environment conducive to the growth of microorganisms [48]. After 90 days of study, almost
50% of the materials were disintegrated under composting conditions. However, lower weight loss
ratios were obtained with lower amounts of ASP. This behavior suggests that the disintegration rate is
more influenced and dependent on the polymer matrix being slower at lower ASP contents.
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Figure 7. Disintegrability (%) of INZEA-based biocomposites with 10 and 25 wt % of ASP at two
grinding levels (F, C) as a function of degradation time under composting conditions at 58 ◦C (mean ±
SD, n = 3).

Figure 8 shows the DSC thermograms obtained during the second heating scan for all formulations
as a function of composting time (0, 28 and 90 days). Two different peaks were observed at day
0, around 110 and 170 ◦C, indicating the presence of two main polyesters in the polymer matrix,
in agreement with the behavior previously observed by TGA (Section 3.2.2). A similar DSC profile
for the first and second peaks was described by Liminana et al. and Quiles-Carrillo et al. for the
characterization of PBS-based and PLA-based composites reinforced with similar amounts of almond
shells, respectively [12,52]. Both melting peak temperatures remained practically invariable after the
addition of ASP at the two studied contents, 10 and 25 wt % (Table 4), showing a slight modification
which could be related to the formation of more perfect crystals into the polymer matrix. Similar
behavior was observed by Quiles-Carrillo et al. for PLA-based composites with 25 wt % of almond
shell [12]. A slight decrease in the melting enthalpy of the first peak was observed with the addition
of ASP which was more pronounced at 25 wt % This effect could be related to the nucleating effect
exerted by the lignocellulosic filler on semicrystalline polymers acting the cellulose crystals of the
almond shells as nucleating points [11].

Regarding the disintegration study, the DSC melting temperature of the second endothermic peak
moved from 168.4 ± 3.7 ◦C for INZEA at day 0 to 142.4 ± 0.8 ◦C at day 90 (Table 4). Formulations
with ASP did not show significant differences at day 0 compared to the values obtained for INZEA
control. This decrease in around 26 ◦C was related to a rapid molecular mass reduction, implying that
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small and imperfect crystals disappeared with degradation time [53,54]. INZEA and formulations
with 10 wt % of ASP did not show significant differences in DSC values at the same disintegration
time, maintaining similar values throughout the whole study. In this sense, the addition of 10 wt % of
ASP could not be enough to achieve an acceptable weight loss ratio into the disintegration process
under composting conditions.

 
(a) (b) 

 
(c) 

Figure 8. DSC thermograms of INZEA-based biocomposites with 10 and 25 wt % of ASP at two
grinding levels (F, C) after different degradation times ((a): 0 days, (b): 28 days, (c): 90 days) at 58 ◦C
during the first heating scan (10 ◦C min−1).

Under composting conditions, a different behavior was observed for formulations with 25 wt %
of ASP versus time, as the second DSC peak initially appearing around 170 ◦C started to disappear
after 28 days of study (Figure 8). After 90 days, the appearance of the thermogram suggested that this
polyester-based polymer was totally disintegrated by disappearing the corresponding glass transition
temperature (around 50 ◦C) and melting peak around 170 ◦C (Table 4). This result was also related
to the final appearance and percentage of disintegrability achieved in samples after 90 days. On the
other hand, the observed peak around 110 ◦C remained unchanged after 90 days of study, with slight
modifications on its profile, indicating that this polymer was not degraded yet.

This behavior was also confirmed by TGA analysis (Table 4). The obtained results demonstrated
that after 28 days of study the maximum degradation temperature of the first polymer peak, Tpeak1,
decreased around 70 ◦C respect to day 0, disappearing this degradation peak from the TGA curve
after 40 days under composting conditions. These results confirm those obtained by DSC where some
modification of the thermal profile was observed due to the disintegration of one main polyester
component of the polymer matrix.
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4. Conclusions

In this work, biocomposite materials were obtained based on a polyester matrix (INZEAF2) and
almond shell as a reinforcing agent at 10 and 25 wt % and two different milling sizes (125–250 μm and
500–1000 μm). MLO and Joncryl ADR 4400 were studied as compatibilizers. The reinforced effect of
the addition of ASP was shown by increasing the elastic modulus of the biocomposites with both fine
and coarse ASP at 25 wt % The addition of MLO and Joncryl produced some compatibilizing effect at
10 wt % while some gaps at the interface, visible by FESEM at 25 wt %, did not substantially affect
the overall flexural properties. A double degradation pattern was obtained by TGA for the INZEA
neat matrix indicating the degradation of the material in two steps and the presence of two different
polyesters in the matrix. Some decrease in thermal stability of biocomposites was shown which was
more pronounced at high ASP contents and it was related to the relatively low thermal stability and
disintegration of the lignocellulosic filler over the studied temperature range. Some limited positive
enhancement in thermal stability was obtained by adding the studied modifiers. The addition of 10 wt
% of ASP was not enough to achieve an acceptable weight loss ratio of disintegration under composting
conditions, whereas around 50% of disintegration (nearly double of the polymer control) was obtained
by adding 25 wt % of ASP after 90 days. At these conditions, one of the polyester-based polymers was
totally disintegrated by disappearing the corresponding glass transition temperature (around 50 ◦C),
melting peak (around 170 ◦C) and degradation temperature (around 350 ◦C). On the other hand, the
second polymer with Tm around 110 ◦C was not degraded yet.

The developed composites represent an interesting approach to reduce the overall cost of
bio-based polyesters increasing also the added-value potential of almond agricultural wastes,
obtaining environmentally friendly materials with specific reinforced and aesthetic functionalities
and contributing to the circular economy approach. Further work will be needed in order to evaluate
a possible improvement in filler–matrix adhesion and disintegration rate of the biocomposites by using
different compatibilizers and adding higher amounts of lignocellulosic filler without compromising
the final mechanical and thermal properties.
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Abstract: In the present study, partially bio-based polyethylene terephthalate (bio-PET) was melt-mixed
at 15–45 wt% with recycled polyethylene terephthalate (r-PET) obtained from remnants of the injection
blowing process of contaminant-free food-use bottles. The resultant compounded materials were
thereafter shaped into pieces by injection molding for characterization. Poly(styrene-co-glycidyl
methacrylate) (PS-co-GMA) was added at 1–5 parts per hundred resin (phr) of polyester blend during
the extrusion process to counteract the ductility and toughness reduction that occurred in the bio-PET
pieces after the incorporation of r-PET. This random copolymer effectively acted as a chain extender
in the polyester blend, resulting in injection-molded pieces with slightly higher mechanical resistance
properties and nearly the same ductility and toughness than those of neat bio-PET. In particular,
for the polyester blend containing 45 wt% of r-PET, elongation at break (εb) increased from 10.8%
to 378.8% after the addition of 5 phr of PS-co-GMA, while impact strength also improved from
1.84 kJ·m−2 to 2.52 kJ·m−2. The mechanical enhancement attained was related to the formation of
branched and larger macromolecules by a mechanism of chain extension based on the reaction of the
multiple glycidyl methacrylate (GMA) groups present in PS-co-GMA with the hydroxyl (–OH) and
carboxyl (–COOH) terminal groups of both bio-PET and r-PET. Furthermore, all the polyester blend
pieces showed thermal and dimensional stabilities similar to those of neat bio-PET, remaining stable
up to more than 400 ◦C. Therefore, the use low contents of the tested multi-functional copolymer
can successfully restore the properties of bio-based but non-biodegradable polyesters during melt
reprocessing with their recycled petrochemical counterparts and an effective mechanical recycling
is achieved.

Keywords: bio-PET; r-PET; chain extenders; reactive extrusion; secondary recycling; food packaging
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1. Introduction

The transition of the plastic industry from its traditional Linear Economy to a Circular Economy,
a more valuable and sustainable model, is being spearheaded by the European Union (EU), where
legislative measures are being introduced to eliminate excessive waste [1]. To this end, it is first
necessary to promote sustainable polymer technologies that decouple plastics from fossil feedstocks [2].
Furthermore, it is also important to increase the quality and uptake of plastic recycling [3]. In this
context, the food packaging sector it is among the most heavily scrutinized, given the large production
and the short life cycle of their products [4]. Polyethylene terephthalate (PET) is a thermoplastic
polyester that is widely used in the manufacture of bottles for water or beverages and also food trays
due to its good mechanical properties, chemical resistance, clarity, thermal stability, barrier properties,
and low production cost [5]. PET is fully recyclable and it is, indeed, one of the most recycled plastics
in the world. Since 2012, PET monomaterial packaging has showed recycling rates of approximately
52% in the EU and 31% in the United States (US) [6]. Moreover, the recycling of PET articles is expected
to increase, as exemplified by companies like Coca-Cola, which have already announced a full switch
to recycled plastics for their beverage bottles in some EU countries, starting with at least 50% rates by
the end of 2023 [7].

In recent years, the replacement of conventional or petrochemical polymer materials with those
obtained from natural and renewable sources is of great interest for research due to the depletion of
fossil resources and the cost of extracting them. The main interest and advantage of using bio-based
polymers reflects the concept of the so-called “biorefinery system design” due to its ability to improve
the environmental impact of a product by reducing greenhouse gas emissions, economizing fossil
resources, exploring the possibility of using a local resource, and the use of by-products or even
wastes [8]. Bio-based polymers, which can be either biodegradable or non-biodegradable, are certified
according to international standards such as EN 16640:2015, ISO 16620-4:2016, ASTM 6866-18, and EN
16785-1:2015. In particular, EN 16640:2015, ISO 16620-4:2016, and ASTM 6866-18 measure the bio-based
carbon content in a material through 14C measurements, while EN 16785-1:2015 measures the bio-based
content of a material using radiocarbon and elemental analyses [9]. Indeed, the pattern of production of
biopolymers is shifting from biodegradable to bio-based. Bio-based but non-biodegradable polymers
represented 57.1% of the total biopolymer production in 2018, whereas biodegradable polymers
accounted for 42.9% [10]. This is in contradiction to the public perception that most biopolymers are
biodegradable. Among them, partially bio-based polyethylene terephthalate (bio-PET) is currently
the most produced bioplastic, reaching ~27% of the total production in 2018, that is, 0.54 million tons
per year. [11]. This is based on the fact that this “green polyester” offers an almost identical chemical
structure and properties to its petrochemical counterpart, that is, PET.

Several studies on PET recycling methods have indicated that mechanical recycling appears to
be the most desirable method for the management of PET waste, as compared to chemical recycling
and incineration [12–14]. The chemical or tertiary recycling method involves depolymerization of
the PET polymer by chemical agents (chemolysis) or temperature (pyrolysis) to obtain its constituent
monomers, that is, monoethylene glycol (MEG) and terephthalic acid (TA), or their derivatives,
which can be used for new polymerization processes [15,16]. In addition, the char from pyrolysis of
washed PET wastes can successfully replace up to 50 wt% the epoxy resin used in the production
of thermosets [17]. In mechanical or secondary recycling, PET waste is subjected to mechanical
processes including shredding, grinding, melting, and, when necessary, as in the case of contaminated
articles, is combined with washing and/or drying [18]. In this process, the polymers stay intact, which
permits multiple reuses in the same or similar products. However, mechanical recycling is currently
the preferred option for monomaterial packaging since it has the advantages of simplicity and low
cost, requires little investment, uses established equipment, and has little adverse environmental
impact. Despite these advantages, mechanical recycling of PET is difficult due to complexity and
waste contamination [12,19,20]. Another issue observed during the mechanical recycling of PET by
“fusion reprocessing” is that the polymer is habitually subjected to chemical, mechanical, thermal,
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and oxidative degradation, which decreases the molar mass and, finally, causes the deterioration of the
performance and transparency of PET articles [21,22].

Different studies have conventionally supported the notion that the use of recycled polymer streams
in a mixture with virgin polymer of the same nature is a good solution for improving the properties of
recycled polymer materials and achieving mechanical recycling. Elamri et al. [23] investigated fibers
from blends of recycled polyethylene terephthalate (r-PET) and virgin PET. An improvement in the melt
processing of r-PET and its fibers, with similar mechanical characteristics to those obtained from virgin
PET, was reported. In another study, Scarfato and La Mantia [24] studied recycled and virgin mixtures
of polyamide 6 (PA6), showing mechanical and rheological properties similar to those of the virgin
polyamide. Moreover, Elamri et al. [25] also investigated blends of recycled and virgin high-density
polyethylene (HDPE), reporting a predictable linear behavior in the mechanical properties as a function
of the recycled content. A novel, plausible solution to increase the properties of r-PET during melt
reprocessing is the use of additives such as chain extenders [26–29]. This option represents a more
economical and attractive strategy than chemical recycling processes for monomaterial packaging since
these additives can be used during reprocessing cycles by extrusion or injection molding [26,27]. Chain
extenders are additives containing at least two functional groups that are capable of reacting with the
end groups of different macromolecular fragments, thereby creating new covalent bonds. During melt
reprocessing, these additives are able to “reconnect” the previously broken polymer chains, leading to
a polymer with higher molecular weight (MW) and restored properties [27,28].

The use of chain extenders during PET reprocessing has been widely investigated. Some studies
have reported the use of pyromellitic dianhydride (PMDA) [30,31], organic phosphites [32,33],
bis-oxazolines [34–36], bis-anhydrides [30,37], diisocyanates [29,34,38], diepoxides [34], epoxy-based
oligomers [34,39], or oligomeric polyisocyanates [40]. However, new commercial chain extenders
based on random copolymers of poly(styrene-co-glycidyl methacrylate) (PS-co-GMA) have recently
arisen. In particular, the glycidyl methacrylate (GMA) multi-functionality has excellent affinity with
condensation polymers, not only PET, but also polybutylene terephthalate (PBT) or polylactide (PLA).
It performs by connecting the polymer chains through a chemical reaction of the GMA groups with
the hydroxyl (–OH), carboxyl (–COOH), and amine (–NH2) terminal groups of the polycondensation
polymers. This process can result in a branched structure that also offers higher melt strength for
optimal processing conditions. Although some other block copolymers based on GMA groups have
been previously used as a chain extenders in other types of polymer blends, such as poly(trimethylene
terephthalate) (PTT)/polystyrene (PS) [41] or PET/polypropylene (PP) [42], their use in PET systems
remains almost unexplored. Only Benvenuta et al. [43] recently synthesized reactive tri-block
copolymers of styrene glycidyl methacrylate (SGMA) and butyl acrylate (BA) (SGMA-co-BA-co-SGMA)
by reversible addition-fragmentation chain transfer (RAFT) and used them as chain extenders of r-PET.
These additives turned out to be very effective at increasing the molar mass and intrinsic viscosity,
diminishing the melt flow, and improving the melt elasticity and processability of r-PET.

Despite the large amount of work that has been undertaken on the recycling of PET and r-PET
blends, those based on bio-PET are barely beginning to be studied. Furthermore, while the price of
virgin PET remains stable [44], the use of r-PET is significantly increasing, and thus, novel and more
sustainable technologies for PET recycling could encourage more competitive prices in the industry.
In the present work, the properties of bio-PET and pre-consumer (uncontaminated) r-PET blends were
analyzed to ascertain the potential for mechanical recycling of the next generation of PET materials.
To this end, different amounts of r-PET were melt-mixed with bio-PET in a twin-screw industrial
extruder and then shaped into pieces by injection molding. During melt compounding, PS-co-GMA
was added and the effect of the random copolymer on bio-PET/r-PET blends was assessed through a
detailed characterization, including measurements of the mechanical, thermal, and thermomechanical
properties as well as the rheological behavior.
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2. Materials and Methods

2.1. Materials

Bio-PET, commercial grade BioPET 001, was obtained from NaturePlast (Ifs, France). According
to the manufacturer, this grade is produced from up to 30 wt% renewable materials. It has a melting
temperature (Tm) between 240–260 ◦C, a true density of 1.3–1.4 g·cm−3, and an intrinsic viscosity
between 75–79 mL·g−1 while it is supplied with a water content of less than 0.4 wt%. Further details
can be found elsewhere [45]. r-PET was obtained from remnants of the injection blowing process of
contaminant-free food-use bottles supplied by the local company Plásticos Guadalaviar S.A. (Beniparell,
Spain). The pre-consumer PET waste was shredded and supplied in the form of flakes. PS-co-GMA
was provided by Polyscope Polymers B.V. (Geleen, The Netherlands) as XibondTM 920 in the form
of pellets. It has a mass average MW of 50,000 g·mol−1 and a glass transition temperature (Tg) of
95 ◦C. The manufacturer recommends a dosage level of 0.1–5 wt% while not exceeding 330 ◦C to avoid
thermal degradation.

2.2. Preparation of the Bio-PET/r-PET Blends

Both bio-PET and r-PET were dried at 60 ◦C for 72 h, while PS-co-GMA was dried at 90 ◦C for 3 h.
All materials were dried separately to avoid premature cross-linking and then premixed in a zipper
bag. Table 1 summarizes the coding and compositions of the prepared samples.

Table 1. Code and composition of each sample according to the weight content of partially
bio-based (bio-PET) and recycled polyethylene terephthalate (r-PET) in which poly(styrene-co-glycidyl
methacrylate) (PS-co-GMA) was added as parts per hundred resin (phr) of blend.

Sample bio-PET (wt%) r-PET (wt%) PS-co-GMA (phr)

B100 100 - -
R100 - 100 -

B85-R15 85 15 -
B70-R30 70 30 -
B55-R45 55 45 -

B55-R45-X1 55 45 1
B55-R45-X3 55 45 3
B55-R45-X5 55 45 5

The compounding process was carried out in a twin-screw extruder from Construcciones Mecánicas
Dupra, S.L. (Alicante, Spain) equipped with a screw diameter of 25 mm and a length-to-diameter (L/D)
ratio of 24. The rotating speed was set to 25 rpm and the temperature profile from the feeding to the die
was: 240 ◦C (hopper)–245 ◦C–250 ◦C–255 ◦C (nozzle). The strands were cooled in air and granulated
in pellets in an air-knife unit. The resultant pellets were dried at 60 ◦C for 72 h to remove moisture
since PET has a high sensitivity to hydrolysis.

Standard pieces for characterization were obtained from the compounded pellets by injection
molding in a Meteor 270/75 from Mateu&Solé (Barcelona, Spain). The temperature profile in the
injection machine was programmed to 250 ◦C (hopper)–255 ◦C–255 ◦C–260 ◦C (injection nozzle).
The resultant pieces were finally annealed at 60 ◦C for 72 h to further develop crystallinity, improve
their dimensional stability, and remove any residual moisture.

2.3. Mechanical Characterization

Tensile properties were obtained in a universal test machine ELIB-50 from S.A.E. Ibertest
(Madrid, Spain) following ISO 527-1:2012. The selected cross-head speed was 5 mm·min−1 and
the load cell was 5 kN. As recommended by the standard, the tensile modulus (Et), maximum tensile
strength at break (σmax), and elongation at break (εb) values were determined. Shore D hardness was
obtained in a 676-D durometer from Instruments J. Bot S.A. (Barcelona, Spain) as indicated in ISO
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868:2003. The impact strength was obtained in a Charpy’s pendulum of 1 J from Metrotec (San Sebastián,
Spain) on V-notched samples with a radius notch of 0.25 mm according to ISO 179-1:2010. All the
mechanical tests were performed under controlled conditions of 25 ◦C and 40% relative humidity (RH).
At least 6 samples of each material were evaluated.

2.4. Color Measurements

Changes in color were measured in a colorimetric spectrophotometer ColorFlex from Hunterlab
(Reston, VA, USA). The selected color space was the chromatic model L* a* b* or CIELab (spherical color
space). L* stands for the luminance, where L* = 0 represents dark and L* = 100 indicates clarity or
lightness. The a*b* pair represents the chromaticity coordinate, where a* > 0 is red, a* < 0 is green,
b* > 0 is yellow, and b* < 0 is blue. The L*a*b* coordinate values were obtained on five different
samples and the color difference (ΔE*) was calculated using the following Equation (1):

ΔE∗ =
[
(ΔL∗)2 + (Δa∗)2 + (Δb∗)2

]0.5
(1)

where ΔL*, Δa*, and Δb* correspond to the differences between the color parameters of the tested pieces
and the values of the neat bio-PET (B100) piece. Color change was evaluated as follows: Unnoticeable
(ΔE* < 1), only an experienced observer can notice the difference (ΔE* ≥ 1 and < 2), an unexperienced
observer notices the difference (ΔE* ≥ 2 and < 3.5), clear noticeable difference (ΔE* ≥ 3.5 and < 5),
and the observer notices different colors (ΔE* ≥ 5) [46].

2.5. Microscopy

The fracture surfaces of the injection-molded samples after the impact test were covered with a
thin metal layer to provide the conducting properties for analysis by field emission scanning electron
microscopy (FESEM). The sputtering process was carried out in a cathodic sputter-coater Emitech
SC7620 from Quorum Technologies LTD (East Sussex, UK). Subsequently, the morphologies were
observed in a CARL ZEISS Ultra-55 FESEM microscope from Oxford Instruments (Abingdon, UK).
The acceleration voltage was set to 2.0 kV.

2.6. Thermal Characterization

Thermal characterization was carried out on a differential scanning calorimeter DSC-821 from
Mettler-Toledo Inc (Schwarzenbach, Switzerland). Samples with a mean weight of 6.1 ± 1.2 mg were
placed in aluminum pans and subjected to a dynamic thermal program in three stages: initial heating
from 30 ◦C to 280 ◦C, cooling to 0 ◦C, and a second heating to 350 ◦C. The heating/cooling rates were
set at 10 ◦C ·min−1 for all three stages, and the atmosphere was air at a flow-rate of 66 mL·min−1.
The DSC runs were obtained in triplicate to obtain reliable results. The values of Tg, cold crystallization
temperature (Tcc), Tm, as well as the enthalpies corresponding to the melting process (ΔHm) and
the cold crystallization process (ΔHcc) were obtained from the second heating step, whereas the
temperature of crystallization (Tc) and enthalpy of the crystallization process (ΔHc) were obtained
from the cooling step. The degree of crystallinity (χc) was calculated using Equation (2):

%χc =
(ΔHm − ΔHcc)

ΔH100%·Wp
·100 (2)

where Wp stands for the weight fraction of PET (%) in the sample and ΔH100% is the melting enthalpy
of a theoretic 100% crystalline PET, that is, 140 J·g−1 [47,48].

Thermal degradation was evaluated by thermogravimetry (TGA) in a TGA/SDTA851 thermobalance
from Mettler-Toledo Inc (Schwarzenbach, Switzerland). Samples with an average weight of 5–7 mg
were subjected to a temperature sweep from 30 ◦C to 700 ◦C at a constant heating rate of 20 ◦C·min−1

in air atmosphere with a flow-rate of 50 mL·min−1. The onset degradation temperature, which was
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assumed at a weight loss of 5 wt% (T5%), and the maximum degradation rate temperature (Tdeg) were
obtained from the TGA curves. All thermal tests were run in triplicate.

2.7. Thermomechanical Characterization

Dynamical mechanical thermal analysis (DMTA) was conducted in an oscillatory rheometer
AR-G2 from TA Instruments (New Castle, DE, USA), equipped with a special clamp system for solid
samples working in a combination of shear-torsion stresses. The maximum shear deformation (%γ)
was set to 0.1% at a frequency of 1 Hz. The thermal sweep was from 20 ◦C to 160 ◦C at a heating rate of
5 ◦C min−1. Thermomechanical analysis (TMA) was carried out in a Q-400 thermoanalyzer, also from
TA Instruments. A dynamic thermal sweep from 0 ◦C to 140 ◦C at a constant heating rate of 2 ◦C·min−1

with an applied load of 20 mN was performed. All thermomechanical tests were also done in triplicate.

3. Results and Discussion

3.1. Mechanical Properties of the Bio-PET/r-PET Blends

Table 2 shows the mechanical properties in terms of Et, σmax, εb, Shore D hardness, and impact
strength for bio-PET, r-PET, and their blends. One can observe that neat bio-PET resulted in elastic and
flexible pieces, having Et and σmax values of approximately 600 MPa and 57 MPa, respectively, whereas
εb nearly reached a value 495%. Shore D hardness and impact strength values were 92.3 kJ·m−2 and
2.87 kJ·m−2, respectively. These mechanical properties were similar to those reported in our earlier
research work [45], though the present pieces were slightly less rigid and more flexible. The performance
differences could be related to variations in the moisture content since the PET polyester can easily
absorb water due to the high hygroscopicity that plasticizes it [49]. In contrast, neat r-PET produced
pieces with a similar mechanical strength but a significantly lower mechanical ductility and toughness.
In particular, εb was 23.1%, while the impact strength was 0.82 kJ·m−2, that is, a respective 21- and
3.5-fold reduction in comparison with virgin bio-PET. This ductility impairment has been associated
with the decrease in the PET’s MW, mainly caused by a phenomenon of chain scission [50,51]. Therefore,
as expected, increasing the amount of r-PET in the blend induced a progressive reduction in the
ductile performance of the pieces, reaching εb values in the 10–11% range for the highest contents.
The incorporation of r-PET in contents of 30 wt% and 45 wt%, however, increased the E value by
approximately 40%. This mechanical behavior has been previously ascribed by Mancini and Zanin to
an increase in crystallinity [50] but it can also be associated with the attained reduction in ductility.

Table 2. Summary of the mechanical properties of the partially bio-based and recycled polyethylene
terephthalate (bio-PET/r-PET) blends in terms of tensile modulus (Et), maximum tensile strength (σmax),
elongation at break (εb), Shore D hardness, and impact strength.

Piece Et (MPa) σmax (MPa) εb (%) Shore D Hardness
Impact Strength

(kJ·m−2)

B100 600.3 ± 19.1 56.8 ± 0.8 494.6 ± 9.7 92.3 ± 0.9 2.87 ± 0.42
R100 558.8 ± 11.7 56.1 ± 0.7 23.1 ± 4.7 79.8 ± 0.8 0.82 ± 0.13

B85-R15 665.4 ± 19.2 56.6 ± 2.7 20.4 ± 4.9 77.8 ± 1.2 1.73 ± 0.06
B70-R30 822.8 ± 25.6 57.5 ± 1.0 10.5 ± 1.1 77.3 ± 1.3 1.84 ± 0.29
B55-R45 820.5 ± 30.2 57.7 ± 2.8 10.8 ± 1.4 76.0 ± 1.4 1.84 ± 0.38

B55-R45-X1 742.9 ± 10.9 58.1 ± 1.1 11.2 ± 0.9 79.8 ± 1.5 1.89 ± 0.24
B55-R45-X3 852.9 ± 21.8 58.3 ± 0.3 312.9 ± 7.3 81.0 ± 1.2 2.43 ± 0.29
B55-R45-X5 847.8 ± 11.7 57.4 ± 0.1 378.8 ± 8.4 82.8 ±1.8 2.52 ± 0.25

The incorporation of 1 phr of PS-co-GMA into the blend system had a slight influence on the
mechanical performance of the bio-PET/r-PET pieces. However, the use of contents of 3 phr and 5 phr
successfully yielded a significant increase in the ductility and toughness in the r-PET/bio-PET pieces.
In particular, for the blend piece containing 45 wt% r-PET, εb increased from 10.8% to 312.9% and
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378.8% for the same pieces that were melt-processed with 3 phr and 5 phr of PS-co-GMA, respectively.
The same trend was observed for the impact strength values, increasing from 1.84 kJ·m−2 to 2.43 kJ·m−2

and 2.52 kJ·m−2, respectively. This improved ductility can be ascribed to the chain extension mechanism
of PET achieved during extrusion by the presence of the PS-co-GMA. This reactive copolymer contains
multiple GMA groups that can react with the –OH and –COOH terminal groups of both bio-PET and
r-PET. As a result of the so-called reactive extrusion process, a macromolecule of higher MW based
on a linear chain-extended, branched, or even cross-linked structure is formed. The proposed chain
extension mechanism is shown in Figure 1. Thus, the resultant material shows a macromolecular
structure with a higher degree of entanglements to resist mechanical deformation. A similar mechanical
improvement was observed, for instance, by the addition of diisocyanates, in which the εb value
notably increased from approximately 5% to 300% [34]. Similarly, maleinized hemp seed oil (MHO)
and acrylated epoxidized soybean oil (AESO) have been used to increase the mechanical performance
of PLA materials [52].

Figure 1. Proposed mechanism of chain extension of polyethylene terephthalate (PET) with poly(styrene
-co-glycidyl methacrylate) (PS-co-GMA).

3.2. Morphologgy and Appareance of the Bio-PET/r-PET Blends

Figure 2 shows the appearance of the injection-molded neat bio-PET, r-PET, and their blends.
Color changes of the bio-PET/r-PET pieces were quantified by the L*a*b* coordinates and are reported
in Table 3. PET is a semi-crystalline polyester that can be manufactured during injection molding
into articles of different transparencies by selecting the appropriate cooling conditions, being very
transparent when full amorphous or opaque when it is highly crystallized [53]. The neat bio-PET piece
presented a natural bright color, but it was opaque, indicating that the biopolymer developed a certain
crystallinity during cooling in the injection mold and in the subsequent annealing. The r-PET pieces
were also opaque, but slightly grey and less bright. One can observe that the bio-PET pieces developed
a yellowish color (b* > 0) as the weight percentage of r-PET increased, being also opaque. This effect
has been described by Torres et al. [29], who attributed it to the presence of spherulitic crystallization
as a result of the addition of r-PET. One can also observe that the introduction of PS-co-GMA reduced
the yellow tonality in the pieces, though the effect of the random copolymer on their visual appearance
was relatively low. Therefore, although a different color was noticed (ΔE* ≥ 5) in all the pieces, the color
differences were significantly less noticeable after the incorporation of PS-co-GMA.
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Figure 2. Visual aspect of the injection-molded pieces of the partially bio-based and recycled polyethylene
terephthalate (bio-PET/r-PET) blends corresponding, from left to right, to: B100, R100, B85-R15, B70-R30,
B55-R45, B55-R45-X1, B55-R45-X3, and B55-R45-X5.

Table 3. Color coordinates by CIElab color space (L*a*b*) of the partially bio-based and recycled
polyethylene terephthalate (bio-PET/r-PET) blend pieces.

Piece L* a* b* ΔE*

B100 75.67 ± 0.58 −2.72 ± 0.16 −5.27 ± 0.32 -
R100 42.86 ± 0.37 −0.54 ± 0.11 −2.62 ± 0.10 32.99 ± 1.31

B85-R15 68.03 ± 0.44 −3.63 ± 0.07 5.27 ± 0.25 10.84 ± 0.57
B70-R30 64.85 ± 0.48 −2.95 ± 0.14 5.62 ± 0.18 15.35 ± 1.18
B55-R45 63.44 ± 0.96 −2.61 ± 0.14 5.41 ± 0.50 16.24 ± 0.90

B55-R45-X1 69.88 ± 0.52 −1.97 ± 0.17 0.57 ± 0.23 8.26 ± 1.13
B55-R45-X3 72.71 ± 0.86 −2.56 ± 0.13 0.33 ± 0.20 6.34 ± 0.77
B55-R45-X5 73.73 ± 0.98 −2.34 ± 0.17 1.35 ± 0.31 6.91 ± 0.84

Figure 3 presents the FESEM images corresponding to fracture surfaces of the injection-molded
pieces after the impact tests. All morphologies showed the formation of microcracks that were
responsible for the final fracture of the material. Figure 3a, which corresponds to the FESEM
micrograph of the neat bio-PET piece, shows that the size of the cracking steps was larger with
somewhat more rounded edges compared with those of the r-PET piece shown in Figure 3b. This
morphological change is due to more energy being required during the breakage process so that the
fracture produced a rougher surface. In both cases, the cracking steps were uniform. In contrast,
the FESEM micrographs corresponding to the bio-PET/r-PET blends, shown in Figure 3c–e, yielded
very heterogeneous fracture surfaces. This type of fracture can be mainly ascribed to the hardness
increase of the injection-molded piece [54]. Furthermore, although the morphologies revealed the
presence of a single phase, this type of surface can also be ascribed to the lack of chemical interaction
between the matrix, that is, bio-PET, and the dispersed domains of r-PET. One can observe in Figure 3f
that a similar morphology was obtained when the polyester blend was melt-processed with 1 phr
of PS-co-GMA. However, as seen in Figure 3g,h, the addition of the 3 phr and 5 phr of PS-co-GMA
produced pieces with fracture surfaces very similar to those observed for neat bio-PET. In particular,
one can observe that larger cracks with rounded edges were produced due to the aforementioned
increase in toughness. Therefore, the fracture surfaces correlated well with the mechanical strength
and impact strength performance attained during the mechanical analysis. A similar morphology was
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reported by Badia et al. [55], who showed a smoother surface loss in the surface fractures of virgin PET
after the addition of r-PET. This behavior was also noted in other recycled polymers [56,57].

  
 

 
 

 
 

 
 

 
 

  

Figure 3. Field emission scanning electron microscopy (FESEM) images, taken at 500×, corresponding
to fracture surfaces of the injection-molded pieces of the partially bio-based and recycled polyethylene
terephthalate (bio-PET/r-PET) blends: (a) B100; (b) R100; (c) B85-R15; (d) B70-R30; (e) B55-R45;
(f) B55-R45-X1; (g) B55-R45-X3; (h) B55-R45-X5. Scale markers of 10 μm.
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3.3. Thermal Characterization of the Bio-PET/r-PET Blends

The thermal transitions and degree of crystallinity are parameters of great technological importance
that reflect the chemical structure of the polymer and they can be correlated with its mechanical
properties [58]. Figure 4 shows a comparative plot of the DSC thermograms of the bio-PET/r-PET
blends during the cooling step (Figure 4a) and second heating step (Figure 4b). The main thermal
properties obtained from the DSC analysis are summarized in Table 4. In relation to the bio-PET
sample, the glass transition region was seen as a step in the baseline located around 82 ◦C in the heating
thermogram. Then, one can observe in the cooling thermogram that the biopolyester did not crystallize
from the melt but developed a cold crystallization process during heating in the thermal range between
140 ◦C and 180 ◦C, showing a maximum exothermic peak, the so-called Tcc, at 161 ◦C. Finally, shown
in the heating thermogram, the endothermic peak between 220 ◦C and 260 ◦C corresponds to the
melting process of the total crystalline fraction in the biopolyester, showing a Tm value of nearly 245 ◦C.
The thermal parameters attained for bio-PET were very similar to those obtained in our previous
work [45]. A similar thermal profile was also observed for r-PET, with the most significant difference
being the lower Tcc value observed, which was located at approximately 150 ◦C. This observed value
can be ascribed to the lower MW of r-PET, which compromises shorter chains that can more easily cold
crystallize due to the fact that the polyester was subjected to a second round of processing [59].

Interestingly, the bio-PET/r-PET blends showed a different thermal profile during DSC analysis.
One can observe that the polyester blends crystallized in all cases during cooling, showing values of
Tc in the 180–190 ◦C range. This observation suggests that crystallization was thermodynamically
favored in the PET blends. This phenomenon can be ascribed to the potential role of r-PET as a
nucleating agent in bio-PET. In this regard, the nucleating effect of r-PET has been previously related
to the presence of impurities [29]. Therefore, the spherulitic crystallization of r-PET occurs at lower
temperatures and the crystals formed can thereafter promote the homogenous crystallization of PET
chains at higher temperatures. This effect was further confirmed by the increase in the Tc values
and the higher intensity of the exothermic peaks observed during crystallization from the melt with
higher r-PET contents. Thus, χc value increased from 10.6% in the neat bio-PET sample to 29% for
the bio-PET blend containing 15 wt% of r-PET, whereas these values reached 32.3% and 37% for the
blends containing 30 wt% and 45 wt% of r-PET, respectively. It is also worth mentioning that while
the melting process of the neat bio-PET sample occurred in a single melt peak, all the bio-PET/r-PET
blends showed two overlapping peaks during melting. This double-melting peak phenomenon can be
explained by the presence of dominant and subsidiary crystals [60]. The two melting peaks (Tm1 and
Tm2) were observed at approximately 238 and 248 ◦C, with the latter temperature being assigned to
primary folded chain crystals with a higher melting point than those observed for the neat bio-PET.
This observation further confirms that the presence of r-PET in bio-PET favors the formation of more
perfect crystalline structures, which were obtained from the melt of imperfect structures or crystals
with lower lamellae thicknesses [61]. Similar results were observed by Spinacé and De Paoli [62],
who indicated that the chain scission, occurring during the processing of PET, improved chain packing,
increasing the crystallite size and consequently shifting Tc and Tm to higher values.

The incorporation of PS-co-GMA barely modified the Tg, Tm1, and Tm2 values, though the use of
contents of 3 phr and 5 phr decreased the crystallinity to 17.7% and 25.9%, respectively. The reactive
random copolymer also caused a slight reduction in the Tc values, showing values around 185 ◦C,
indicating that the structural disorder introduced by the chain extender potentially hindered both
nucleation and crystallization. These observations agree with the aforementioned assumption that
the induced MW increase could decrease the molecular mobility, resulting in a low crystallization rate
and lower crystallinities [63]. Moreover, Kiliaris et al. [64] also concluded that the ability of the PET
chains to crystallize in folded lamellae was limited after chain extension, which led to the formation
of smaller and less perfect crystallites. Furthermore, if one considers branching as the prevailing
chain-extension reaction, the presence of the resultant branching points could effectively hinder chain
symmetry, restricting the segment movements and yielding crystal defects.
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Figure 4. Differential scanning calorimetry (DSC) curves during cooling (a) and second heating
(b) of the injection-molded pieces of the partially bio-based and recycled polyethylene terephthalate
(bio-PET/r-PET) blends.

Table 4. Summary of the main thermal properties of the injection-molded pieces of the partially
bio-based and recycled polyethylene terephthalate (bio-PET/r-PET) blends in terms of glass transition
temperature (Tg), cold crystallization temperature (Tcc), crystallization temperature (Tc), melting
temperature (Tm), and degree of crystallinity (χc).

Piece Tg (◦C) Tcc (◦C) Tc (◦C) Tm1 (◦C) Tm2 (◦C) χc (%)

B100 82.0 ± 0.7 150.8 ± 0.4 - 244.9 ± 0.9 - 10.6 ± 0.5
R100 80. 4± 0.8 157.6 ± 0.2 - 244.5 ± 1.1 - 24.2 ± 0.5

B85-R15 81.2 ± 0.6 - 182.7 ± 0.3 238.4 ± 0.8 247.4 ± 1.0 29.0 ± 0.8
B70-R30 81.5 ± 0.8 - 185.1 ± 0.2 238.9 ± 0.7 247.2 ± 0.8 32.3 ± 0.9
B55-R45 82.6 ± 0.9 - 191.2 ± 0.3 237.9 ± 1.0 247.8 ± 1.1 37.0 ± 0.7

B55-R45-X1 81.0 ± 0.7 - 191.4 ± 0.1 238.0 ± 1.1 247.5 ± 0.9 38.1 ± 0.8
B55-R45-X3 80.9 ± 0.8 - 187.4 ± 0.2 236.8 ± 0.8 247.9 ± 0.8 17.7 ± 0.5
B55-R45-X5 80.6 ± 0.7 - 189.8 ± 0.2 237.1 ± 0.7 247.9 ± 1.2 25.9 ± 0.9
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One of the main problems related to the mechanical recycling of thermoplastic materials is the loss
of thermal stability. Figure 5 gathers the TGA curves (Figure 5a) and the first derivatives of the curves
(DTG) (Figure 5b) of the bio-PET/r-PET blends, while Table 5 presents the thermal values obtained from
the TGA curves. It can be observed that bio-PET degradation occurred in two stages, as previously
reported by Vannier et al. [65]. The first stage, occurring from 350 ◦C to 460 ◦C, corresponds to the
main degradation of the biopolymer backbone and the formation of char with a mass loss of ~83%.
The second step, which was associated with a loss of nearly the totality of the remaining biopolyester,
was related to the thermo-oxidative degradation of the char. This occurred from 490 ◦C to 560 ◦C. It has
also been reported that the decomposition mechanism of PET consists of an hererolytic scission via a
six-membered ring intermediate, where the hydrogen from a β-carbon to the ester group is transferred
to the ester carbonyl, followed by scission at the ester links [66]. Dziȩcioł and Trzeszczyński [67,68] also
reported that the degradation of PET leads to the formation of acetaldehyde, oligomers with terminal
carboxyl groups, CO, and CO2, among other compounds. In all cases, the bio-PET/r-PET samples
resulted in a residual mass of 1–2 wt% at 700 ◦C.

One can also observe that the thermal degradation profile of r-PET and the bio-PET/r-PET blends
was similar to that of the neat bio-PET. The addition of PS-co-GMA yielded an increase in the onset
temperature of degradation that was measured as the degradation temperature at 5% of mass loss,
that is, T5%. In particular, the beginning of the thermal degradation was delayed from approximately
393 ◦C for the blends containing 30 wt% and 45 wt% of r-PET to nearly 403 ◦C. The thermal degradation
peaks (Tdeg1 and Tdeg2), determined when the maximal degradation rates were produced, remained
nearly constant during the first and main mass loss, while they slightly increased during the second
one in the PET blends processed without PS-co-GMA. In particular, the Tdeg2 values were increased by
up to nearly 19 ◦C, which suggests a delay in the thermo-oxidative degradation of the char. In any
case, the influence of the reactive copolymer on the thermal degradation of the bio-PET/r-PET blends
was relatively low, since the thermal stability of the polyester blends was already high.

Table 5. Summary of the main thermal properties of the injection-molded pieces of the partially
bio-based and recycled polyethylene terephthalate (bio-PET/r-PET) blends in terms of the degradation
temperature at 5% of mass loss (T5%), degradation temperature (Tdeg), and residual mass at 700 ◦C.

Piece T5% (◦C) Tdeg1 (◦C) Tdeg2 (◦C) Residual Mass (%)

B100 405.4 ± 0.2 446.8 ± 0.1 546.0 ± 0.2 1.26 ± 0.04
R100 400.8 ± 0.4 452.3 ± 0.2 552.7 ± 0.1 1.43 ± 0.07

B85-R15 400.2 ± 0.2 452.2 ± 0.3 549.4 ± 0.2 1.22 ± 0.05
B70-R30 393.2 ± 0.3 452.3 ± 0.2 545.7 ± 0.1 1.64 ± 0.18
B55-R45 393.0 ± 0.2 452.9 ± 0.3 559.5 ± 0.2 2.18 ± 0.05

B55-R45-X1 403.2 ± 0.2 452.9 ± 0.2 578.3 ± 0.2 1.27 ± 0.08
B55-R45-X3 403.1 ± 0.1 452.4 ± 0.1 576.6 ± 0.4 1.73 ± 0.15
B55-R45-X5 403.0 ± 0.1 451.8 ± 0.2 576.1 ± 0.2 2.29 ± 0.06
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Figure 5. (a) Thermogravimetric analysis (TGA) and (b) first derivative thermogravimetric (DTG)
curves of the injection-molded pieces of the partially bio-based and recycled polyethylene terephthalate
(bio-PET/r-PET) blends.

3.4. Thermomechanical Properties of the Bio-PET/r-PET Blends

The prepared bio-PET/r-PET blends and the effect of the reactive random copolymer on these
polyester blends were analyzed in terms of their thermomechanical properties by means of DMTA
and TMA. Figure 6 shows the DMTA curves of the bio-PET/r-PET blend pieces. Figure 6a shows the
storage modulus as a function of temperature. The evolution of the storage modulus of the bio-PET
was characterized by a single thermal transition with a temperature increase in the 50–130 ◦C range.
Up to approximately 70 ◦C, the variation in the storage modulus values was nearly negligible since
the biopolyester was in a glassy state. At room temperature, all the pieces showed similar storage
modulus values, being around 1 GPa and slightly lower for the neat bio-PET due to its reduced
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crystallinity. Thereafter, one can observe a remarkable decrease in the storage modulus values in the
temperature range from 70 ◦C to 85 ◦C. This process notably involved a decrease of more than two
orders of magnitude in the storage modulus, which is representative for the glass-to-rubber transition of
bio-PET. At higher temperatures, the variation in the storage modulus was nearly negligible, indicating
that the biopolyester reached its rubber state and that further temperature increase did not affect
the mechanical properties. Table 6 presents the values of the storage modulus obtained at 60 ◦C
and 100 ◦C since these temperatures are representative of the mechanical rigidity of the bio-PET
pieces before and after the glass transition region of bio-PET. While at 60 ◦C, the value of the storage
modulus of the neat bio-PET piece was nearly 900 MPa, this value was reduced to approximately
3 MPa at 100 ◦C. It can also be observed that the r-PET piece and all the bio-PET/r-PET pieces showed
similar thermochemical performance with slightly higher storage modulus values. The incorporation
of PS-co-GMA led to an increase in the storage modulus values, in both the glassy and the rubber
states. The highest enhancement was obtained for the bio-PET/r-PET blend piece processed with
5 phr of PS-co-GMA, in which it reached values of close to 1.2 GPa and 30 MPa at 60 ◦C and 100 ◦C,
respectively. This thermomechanical increase can be ascribed to the aforementioned formation of a
chain-extended macromolecular structure with higher MW that showed increased resistance to flow
during the application of external forces as a result of the large number of entanglements associated
with the long chains or branches [69].

Figure 6b shows the evolution of the damping factor (tan δ) as a function of temperature.
The maximum peak of the tan δ curves corresponds to alpha (α)-transition of bio-PET, which is related
to its Tg. These values are also given in Table 6, where it can be seen that for neat bio-PET, a Tg

value of approximately 81 ◦C was observed, being nearly the same as that obtained above by DSC.
A slight lower value of Tg, that is, ~80 ◦C, was observed for r-PET, with this potentially being related
to its lower chain lengths and/or the presence of plasticizers. The bio-PET/r-PET blends showed
intermediate values of Tg, ranging between 80 ◦C and 81 ◦C, being also similar to those obtained by
DSC. The biopolyester blends melt-processed with PS-co-GMA showed nearly the same Tg values but
with a remarkable reduction in the α-peak intensities. This observation supports the higher crystallinity
and the large number of entanglements achieved in the polyester blends based on the fact that the
amorphous phase content was reduced due to the presence of r-PET, which partially suppressed the
relaxation of the bio-PET chains and lowered the number of molecules undergoing α-transition [70].

Table 6. Storage modulus measured at 60 ◦C and 100 ◦C, glass transition temperature (Tg), and coefficient
of linear thermal expansion (CLTE) of the injection-molded pieces of the partially bio-based and recycled
polyethylene terephthalate (bio-PET/r-PET) blends.

Piece
Storage Modulus (MPa)

Tg (◦C)
CLTE (μm·m−1·◦C−1)

60 ◦C 100 ◦C Below Tg Above Tg

B100 927.4 ± 20.5 2.8 ± 0.1 81.0 ± 0.1 78.9 ± 1.9 80.5 ± 1.9
R100 1018.5 ± 20.2 1.7 ± 0.2 80.3 ± 0.1 90.9 ± 1.7 94.9 ± 0.9

B85-R15 943.4 ± 23.2 2.5 ± 0.1 81.2 ± 0.1 80.7 ± 1.1 90.1 ± 1.0
B70-R30 931.6 ± 32.3 2.3 ± 0.1 81.3 ± 0.1 84.1 ± 1.1 103.2 ± 0.2
B55-R45 924.3 ± 13.2 2.6 ± 0.1 81.5 ± 0.1 93.1 ± 1.2 111.8 ± 0.9

B55-R45-X1 977.7 ± 17.3 3.4 ± 0.2 81.1 ± 0.1 90.1 ± 0.5 104.0 ± 1.4
B55-R45-X3 984.4 ± 27.0 4.7 ± 0.2 80.9 ± 0.2 74.9 ± 0.1 101.3 ± 1.1
B55-R45-X5 1019.7 ± 18.4 4.9 ± 0.2 80.8 ± 0.2 70.6 ± 0.3 99.9 ± 1.8
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Figure 6. (a) Storage modulus and (b) damping factor (tan δ) of the injection-molded pieces of the
partially bio-based and recycled polyethylene terephthalate (bio-PET/r-PET) blends.

Finally, the dimensional stability the bio-PET/r-PET blend pieces was determined by measuring
the CLTE values below and above the glass transition region. As also shown in Table 6, below Tg,
bio-PET showed a lower value than r-PET, that is, 78.9 μm·m−1·◦C−1 versus 90.9 μm·m−1·◦C−1. This
thermomechanical difference can be ascribed to the lower MW attained in the recycled polyester due
to the aforementioned phenomenon of chain scission during reprocessing. Then, the bio-PET/r-PET
blends presented intermediate values according to their r-PET content. The incorporation of PS-co-GMA
induced a reduction in the CLTE values, increasing with the reactive random copolyester content.
In particular, a value of 70.6 μm·m−1·◦C−1 was reached for the bio-PET/r-PET blend containing 5 phr
PS-co-GMA. This observation further supports the formation of a branched and larger macromolecule
that reduced the effect of temperature on the dimensional stability, which is also in agreement with the
DMTA results. A similar trend with more significant differences was observed for the CLTE values
measured above Tg.
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4. Conclusions

PS-co-GMA, a multi-functional random copolymer, was melt-mixed with bio-PET/r-PET blends
at contents of 1–5 phr of polyester blend and shaped into pieces by injection molding. The resultant
pieces were characterized to ascertain the potential use of PS-co-GMA as a chain extender for the
mechanical recycling of these polyester blends. The results showed that while the incorporation
of 1 phr of PS-co-GMA had a slight influence on the mechanical and thermal performance of the
bio-PET/r-PET blend pieces, the contents of 3 phr and 5 phr successfully yielded a significant increase
in their ductility and toughness. In particular, εb increased from 10.8%, for the blend piece containing
45 wt% of r-PET, to 312.9% and 378.8%, for the same pieces that were melt-processed with 3 phr and
5 phr of PS-co-GMA, respectively. In addition, the impact strength values increased from 1.84 kJ·m−2 to
2.43 kJ·m−2 and 2.52 kJ·m−2, respectively. This mechanical improvement was ascribed to the chain
extension mechanism of PET by reactive extrusion due to the reaction of the multiple GMA groups
that are present in PS-co-GMA with the –OH and –COOH terminal groups of both bio-PET and r-PET.
Furthermore, PS-co-GMA reduced the crystallinity of the PET blends, suggesting that the structural
disorder introduced by the chain extender potentially hindered both the nucleation and crystallization
of r-PET on the bio-PET chains, contributing to increase material flexibility. In addition, the influence
of the reactive copolymer on the thermal stability of the bio-PET/r-PET blends was low, since the
blends were already thermally stable up to nearly 400 ◦C. The thermomechanical properties of the
bio-PET/r-PET blends also improved after the addition of PS-co-GMA due to the formation of a
branched and larger macromolecule.

Bio-PET can be effectively mixed with its recycled petrochemical counterpart, that is, r-PET,
and then mechanically recycled in existing recycling facilities by means of reactive extrusion with
PS-co-GMA. Therefore, the original biopolymer properties can be successfully restored and the ultimate
performance of bio-PET articles would be retained for a given number of reprocessing cycles. This will
permit the recovery of upcoming bio-PET streams with current r-PET waste to manufacture the same or
similar products. According to this scenario, mechanical recycling for bio-based but non-biodegradable
polymers will be appropriate from both an economic and environmental point of view. This will
potentially contribute to accelerating the transition of the plastic packaging industry from its traditional
linear model to a more valuable and sustainable circular model.
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Abstract: This work shows the potential of binary blends composed of partially bio-based
poly(ethyelene terephthalate) (bioPET) and fully bio-based poly(amide) 10,10 (bioPA1010).
These blends are manufactured by extrusion and subsequent injection moulding and characterized
in terms of mechanical, thermal and thermomechanical properties. To overcome or minimize the
immiscibility, a glycidyl methacrylate copolymer, namely poly(styrene-ran-glycidyl methacrylate)
(PS-GMA; Xibond™ 920) was used. The addition of 30 wt % bioPA provides increased renewable
content up to 50 wt %, but the most interesting aspect is that bioPA contributes to improved toughness
and other ductile properties such as elongation at yield. The morphology study revealed a typical
immiscible droplet-like structure and the effectiveness of the PS-GMA copolymer was assessed
by field emission scanning electron microcopy (FESEM) with a clear decrease in the droplet size
due to compatibilization. It is possible to conclude that bioPA1010 can positively contribute to
reduce the intrinsic stiffness of bioPET and, in addition, it increases the renewable content of the
developed materials.

Keywords: bio-based; poly(ethyelene terephthalate)—PET; poly(amide) 1010—PA1010; mechanical
properties; morphology; compatibilization; Xibond™ 920

1. Introduction

In the last decade, there has been a noticeable increase in the sensitiveness and concern about
environment. Topics such as sustainable development, circular economy, carbon footprint, petroleum
depletion, among others are gaining relevance [1–3]. Therefore, many research works are focused
on the development of environmentally friendly materials to positively contribute to a sustainable
development. This situation is particularly aggravated in the polymer industry which accounts
for the use of large amounts of petroleum-derived plastics with the subsequent environmental
impact both at the origin (petroleum) and at the end of the life cycle or disposal (most of the
petroleum-based polymers are not biodegradable). For these reasons, the polymer industry is
demanding continuously environmentally friendly polymers It is worthy to note the important
role that some petroleum-based polymers have acquired in the last decade. In particular, aliphatic
polyesters such as poly(ε-caprolactone) (PCL) [4] poly(butylene succinate) (PBS) [5], poly(glycolic
acid) (PGA) [6], poly(butylene succinate-co-adipate) (PBSA) and their blends/composites with other
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polymers and lignocellulosic fillers have gained interest in several industrial sectors, despite
being petroleum-based, as they can undergo degradation under controlled compost soil [7–9].
Another promising group of environmentally friendly polymers includes polysaccharides (and
derivatives), protein-based polymers and bacterial polymers. Poly(lactic acid) (PLA), together with
thermoplastic starch (TPS), are perhaps the most studied polymers in this group that can be derived
from polysaccharides [10], in particular, from starch-rich materials, i.e., potato, corn, bagasse, and
so on. PLA is commercially available at a competitive price. Protein-based polymers include some
interesting materials as gluten, soy protein, collagen, rape-seed protein, among others, that find
applications in the form of film, parts, fibers, and so on [11–14]. Finally, bacterial polymers include all
poly(hydroxyalkanoates) (PHAs) which are expected to invade the market soon [15,16]. Some of the
most interesting PHAs include poly(3-hydroxybutyrate) (PHB), poly(3-hydroxybutyrate-co-valerate)
(PHBV), poly(3-hydroxybutyrate-co-hexanoate) (PHBH) [17,18].

Despite all of these materials representing a clear environmental efficiency, in general, their
properties are far from those of petroleum-derived commodity and engineering plastics. For this reason,
many studies have been focused on obtaining commodity and engineering plastics from renewable
resources. These show identical properties to their petroleum-based counterparts, but they offer
interesting environmental efficiency as they can be totally or partially derived from renewable materials,
usually bio-products coming from the food industry and agroforestry. Bio-based poly(ethylene) (bioPE),
is a commodity that is synthesised from bioethanol from sugarcane and can reach almost 95% bio-based
content. This shows a clear positive environmental efficiency compared to poly(ethylene) from crude
oil [19–21]. Currently, bioPE is available worldwide at a relatively cost competitive price and it has
been recently used as a base material for 3D printing [22]. In regard to engineering plastics, it is worthy
to note the increasing consumption of bio-based poly(ethylene terephthalate) (bioPET) and bio-based
poly(amides) (PAs) [23–26]. In recent years, poly(ethylene furanoate) (PEF) has generated great
expectations as it can be fully bioderived and could potentially substitute poly(ethylene terephthalate)
(PET) polymers [27]. Although in the future bioPET can reach 100% renewable source since there
is a bio-route to synthesise terephthalic acid (TA) [28,29], currently its bio-based content is related
to the ethylene glycol which can give approximately 30% bio-based content. Regarding bioPAs,
castor oil plays a key role as a starting material for PA synthesis [30]. It is worthy to note bioPAs
are engineering plastics with different bio-sourced content. Thus, bioPA610 typically offers 60–63%
renewable content [31]; bioPA1012 usually offers a renewable content of 45% and bioPA1010 can be
100% derived from renewable resources from sebacic acid and 1,10-decamethylene diamine (DMDA),
both derived from ricinoleic acid [32]. Some of these bioPAs have alternative eco-routes and could
be fully bioderived. PET and, recently bioPET are widely used in the packaging industry for bottles.
Despite this, some beverages (especially oxygen-sensitive beverages) require the use of scavengers
that usually are derived from poly(amides), so that poly(amides) are increasingly present in the PET
bottle-to-bottle cycle [33].

This work explores the potential of high bio-based content blends of partially bio-based
poly(ethylene terephthalate) (bioPET) and fully bio-based poly(amide) 10,10 (bioPA1010) up to 30 wt %.
Although bioPET and bioPA1010 show similar properties to their corresponding petroleum-derived
counterparts, currently bioPET only contains approximately 30 wt % of biobased content while
bioPA10120 can be fully bioderived from castor oil. The production of these partially or totally
biobased polymers is increasing in a remarkable way and new biobased routes are being developed
for partially biobased polymers to achieve 100% biosourced materials. This can have a positive effect
on sustainable development and circular economies as most of the biobased building blocks could
be obtained from by-products of the food or agroforestry industries. For these reasons, blending
these two polymers is attractive from an environmental standpoint as these blends could reach high
biobased contents without compromising other properties, thus leading to engineering blends with
potential in the packaging industry. Due to their immiscibility, a glycidyl compatibilizer, namely a
poly(styrene-ran-glycidyl methacrylate) copolymer (PS-GMA) Xibond™ 920 was used. The effect
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of both bioPA1010 and the PS-GMA compatibilizer are evaluated on their mechanical, thermal and
thermomechanical properties. The novelty of this work is the high renewable content that can be
obtained by these blends together with improved toughness.

2. Experimental

2.1. Materials

The partially bio-based poly(ethylene terephthalate), bioPET and fully bio-based poly(amide)
1010 were supplied by NaturePlast (Ifs, France). Table 1 summarizes the main properties of these
commercial grades.

Table 1. Commercial grades and main properties of partially bio-based poly(ethylene
terephthalate)—bioPET and fully bio-based poly(amide) 1010, supplied by NaturePlast.

Property bioPET bioPA1010

Grade BioPET 001 NP BioPA1010-201
wt % bio-based 30 100

Melt temperature (◦C) 240–260 190–210
Density (g cm−3) 1.3–1.4 1.05

Intrinsic viscosity (mL·g−1) 75–79 84–90 *

* measured between 230–240 ◦C.

The selected compatibilizer was a poly(styrene-glycidyl methacrylate) random copolymer
(PS-GMA) Xibond™ 920 and was kindly provided by Polyscope (Geleen, The Netherlands). The GMA
functionality has excellent affinity with polycondensates which can result in compatibilization, chain
extension and/or branching. Figure 1 shows a scheme of the different materials used in this research.

Figure 1. Schematic representation of the chemical structure of bio(polyethylene terephthalate),
bio-based poly(amide) 10,10 and glycidyl copolymer compatibilizer Xibond™ 920.
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2.2. Manufacturing of Binary BioPET/BioPA Blends

Initially, all materials (see Table 2 for code and composition) were dried at 60 ◦C for 24 h to remove
residual moisture. After this, the corresponding amounts of each material were mechanically mixed in
a zipper bag, and then were fed into the hopper of a twin-screw co-rotating extruder from DUPRA S.L.
(Castalla, Spain). The screw diameter was 30 mm and the temperature profile was set to four different
barrels as follows (from the hopper to the die): 250 ◦C, 260 ◦C, 260 ◦C and 260 ◦C. The rotating speed
was set to 20 rpm. After this initial compounding stage, the obtained blends were cooled down to room
temperature and subsequently pelletized for further processing by injection moulding. The injection
moulding machine used was a Mateu & Solé mod. Meteor 270/75 (Barcelona, Spain). The temperature
profile was 240 ◦C (feeding Hopper), 245 ◦C, 250 ◦C and 255 ◦C (injection nozzle). The filling time was
set at 1 s and the cooling time was 5 s.

Table 2. The compositions and labeling of binary bioPET/bioPA1010 blends. The bio-based content is
calculated considering that bioPET contains an average bio-based content of 30 wt %, bioPA1010 is
100% bio-based and Xibond™ 920 is petroleum-derived (0 wt % bio-based).

Label bioPET (wt %) bioPA (wt %) Xibond™ (phr)* Bio-based content (wt %)

PET100 100 - - 30.0
PET90 90 10 - 37.0
PET80 80 20 - 44.0
PET70 70 30 - 51.0

PET70Xibond1 70 30 1 50.5
PET70Xibond3 70 30 3 49.5
PET70Xibond5 70 30 5 48.6

* phr: weight grams of Xibond™ 920 per one hundred grams bioPET/bioPA blend.

2.3. Mechanical Characterization

The tensile properties were obtained through ISO 527-2:2012 standard on injection moulded
dog-bone samples using an electromechanical machine ELIB-50 from S.A.E Ibertest (Madrid, Spain).
All tests were run at a cross-head speed of 10 mm·min−1, using a 5 kN loadcell. Regarding the impact
strength, it was estimated through a Charpy test using a 6-J pendulum from Metrotec S.A. (San Sebastián,
Spain) on the unnotched rectangular samples, following indications of ISO 179-1:2010. Finally, the
hardness was obtained by using the Shore method in a 673-D durometer from J. Bot Instruments
(Barcelona, Spain) as suggested by ISO 868:2003. All mechanical tests were run at room temperature
and at least five different samples were tested to obtain the average characteristic parameters.

2.4. Thermal Characterization

Differential scanning calorimetry (DSC) was used to study the main thermal transitions of the
manufactured materials. DSC tests were carried out on a Q200 calorimeter from TA Instruments
(New Castle, DE, USA). A dynamic thermal program was scheduled in three different stages using
standard aluminium crucibles. The first heating from 30 ◦C up to 280 ◦C was followed by a cooling
down to 0 ◦C and a second heating up to 350 ◦C. The heating/cooling rate was set to 10 ◦C·min−1 with
a constant nitrogen flow rate of 50 mL min−1. The maximum degree of crystallinity was calculated for
both bioPET and bioPA (see Equation 1) by comparing the melt enthalpy (ΔHm) with the corresponding
melt enthalpy of a theoretical 100% crystalline polymer (Hm

0 for PET = 140.1 J·g−1 [34], and 244.0 J·g−1

for PA1010 [35]), and considering the weight fraction of each polymer in the blend (w).

%χc =
ΔHm

ΔH0
m·w

(1)
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Additional thermal characterization was carried out by thermogravimetry (TGA) in a TGA/SDTA
851 thermobalance from Mettler-Toledo (Schwerzenbach, Switzerland). A dynamic heating program
from 20 ◦C to 700 ◦C at a heating rate of 20 ◦C·min−1 was applied to an average sample weight of 8 mg
in an air atmosphere in alumina crucibles.

2.5. Morphology Characterization

Field emission scanning electron microscopy (FESEM) was used to reveal the morphology of
the fractured surfaces blends after the impact tests. A FESEM microscope from Oxford Instruments
(Abingdon, UK) was used working at an acceleration voltage of 1.5 kV. As the polymer blends were
not electrically conducting materials, a metal sputtering process was carried out to provide conducting
properties to the samples and to avoid sample charge. All fractured samples were coated with an
ultrathin gold-palladium alloy in a Quorum Technologies Ltd. EMITECH model SC7620 sputter coater
(East Sussex, UK).

2.6. Thermo-Mechanical Characterization

The effect of the temperature on the mechanical properties and dimensional stability was studied
by dynamic-mechanical thermal analysis (DMTA) and thermomechanical analysis (TMA) respectively.
Thermomechanical analysis was carried out in a Q400 thermoanalizer from TA Instruments (New Castle,
DE, USA). The particular conditions for this test were a dynamic thermal sweep from 0 ◦C up to 140 ◦C
at a constant heating rate of 2 ◦C·min−1 with an applied load of 20 mN. Regarding dynamic-mechanical
thermal characterization, an oscillatory rheometer AR-G2 from TA Instruments (Delaware, USA),
equipped with a special clamp system for solid samples (working in a combination of shear-torsion
stresses) was used. The maximum shear deformation (%) was set to 0.1% at a frequency of 1 Hz.
The thermal sweep was scheduled from 20 ◦C up to 160 ◦C at a heating rate of 5 ◦C·min−1.

3. Results and Discussion

3.1. Mechanical Properties and Morphology of Binary BioPET/BioPA Blends

It has been reported that mechanical properties of PET are highly dependent on the processing
conditions [36,37]. In addition, the mechanical properties of PET polymers are also dependent on the
thermal treatment, quenching, annealing, etc. As it can be seen in Figure 2, the mechanical and thermal
properties of bioPET are highly dependent on the annealing time. To assess this, bioPET has been
subjected to different annealing times and studied by dynamic-mechanical thermal analysis (DMTA).
Figure 2a shows the evolution of the storage modulus (G′) as a function of the increasing temperature.
DMTA is based on the use of a dynamical time-dependent stress function, σ = σ0 sin(ωt) [σ0 is the
maximum stress and ω represents the frequency] which produces a sinusoidal strain (ε) given by ε

= ε0 sin(ωt-δ) where ε0 is the maximum strain and δ is the phase angle which represents the delay
(viscous) properties of the material. As the modulus represents the ratio between the maximum stress
to the maximum strain, then it is possible to define the complex modulus (G*) as σ0 = ε0 G* sin(ωt + δ).
This expression can be expanded to give σ0 = ε0 G* sin(ωt) cos(δ) + ε0 G* cos(ωt) sin(δ), which can be
expressed as σ0 = ε0 G′ sin(ωt) + ε0 G” cos(ωt) with G′ = G* cos(δ) and G” = G* sin(δ), thus leading to
an elastic response related to G′ (storage modulus) and a viscous response related to G” (loss modulus).
As it can be derived, the ratio between the loss modulus (G”) to the storage modulus (G′) represents
the damping factor or tanδ, which is directly related to the lost energy due to viscoelastic behaviour.

It can be seen that, neat bioPET shows a characteristic DMTA curve characterized by different
zones. Below 60 ◦C, the storage modulus remains almost constant at a temperature range comprising
between 60 ◦C and 80 ◦C, and a remarkable decrease in G′ occurs. This decrease of near three orders
of magnitude is representative of the glass transition process. In addition, information is provided
about the high amorphous structure due to this three-fold change. Then, at the temperature range
comprising between 106 ◦C and 125 ◦C, it is possible to observe an increase in G′ which is directly
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related to the cold crystallization process which involves packing of polymer chains in an ordered
way which gives increased stiffness. After 15 min annealing time at 110 ◦C, the morphology of the
DMTA curve has changed in a remarkable way. As it can be seen, the decrease in G′ is remarkably
lower. The glass transition process has shifted to higher temperatures (probably due to the restriction
of chain mobility in the crystalized structure) but it is still possible to find a slight increase in G′ in
the temperature range comprising between 106–120 ◦C. Nevertheless, with an annealing of 30 min,
it is possible to conclude that the maximum crystallinity is achieved. The curves for 30 and 45 min
are shifted to the right (higher temperatures) and the cold crystallization process has completely
disappeared. Similar findings have been reported by A. Bartolotta et al. [38] who showed a remarkable
change in the glass transition onset from 40 ◦C (cold-drawn PET) up to 90 ◦C in highly crystalline PET.
A. Bartolotta et al. attribute this phenomenon to an increase in density on glassy domains related
to the presence of more crystal-packed domains and conclude that there is a link between the chain
stiffness since there is a connection between the bulk glass to the ordered structures. Z. Chen et al. [39]
have also reported different crystallization mechanisms depending on the annealing temperature
with remarkable changes, not only in the glass transition process but also on the melt temperature.
In addition, the G′ values are higher with increasing annealing time.

Figure 2b shows the evolution of the dynamic damping factor, tan δ. Notably, the maximum
damping factor value decreases with the increasing annealing time. This is consistent with the damping
factor definition which shows the ratio between the loss modulus (G”) and the storage modulus (G′).
As the material becomes stiffer by the cold crystallization process, the denominator is higher, and this
leads to lower damping factor values. It is worthy to note that the damping factor is related to the lost
energy to stored energy ratio. As the annealing time increases, the material becomes stiffer and this is
responsible for less lost energy. There are several methods to assess the glass transition temperature
(Tg) by using several methods from DMTA, i.e., the onset of the G′ decrease, the peak maximum of G”
or the peak maximum of the damping factor. The peak temperature of tan δ is widely used to give
accurate values of Tg. The un-annealed bioPET shows a Tg of 79.9 ◦C which increases progressively
with increasing annealing time at 110 ◦C resulting in values of 84.8 ◦C (15 min annealing), 93.7 ◦C
(30 min annealing) and 96.3–96.4 ◦C for 45 and 60 min annealing. These results are in total accordance
with those reported by A. Bartolotta et al. [38], who showed a change in the onset of Tg (using the G′
method) from 40 ◦C up to 90 ◦C.

 
Figure 2. Cont.
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Figure 2. The effect of annealing on the dynamic-mechanical properties of neat bioPET subjected to
different annealing times, (a) storage modulus, G′ and (b) dynamic damping factor (tan δ).

In this work, bioPET and its blends have been characterized without any annealing process, just
as obtained by the injection moulding. Neat bioPET showed a tensile strength (σt) of 46.7 MPa and
a relatively low elongation at yield (εy) of 3.87% which leads to a stiff material. The effect of the
addition of bioPA to bioPET produces two important effects. On the one hand, the tensile strength
decreases as expected in an immiscible blend as reported by K.C. Chiou et al. [40], in PA6/PBT binary
blends, but the decrease is not so pronounced. In fact, the maximum percentage decrease is close
to 11% for the uncompatibilized blend containing 30 wt % bioPA. It is important to remark that the
bio-based content of the blend containing 30 wt % bioPA is above 50% which is a positive property
from an environmental point of view. On the other hand, the addition of a flexible polymer such as
bioPA, provides improved elongation at yield up to values of 4.8% which represents a percentage
increase of 24%, thus leading to improved ductile behaviour. The effect of the poly(styrene-ran-glycidyl
methacrylate) copolymer (PS-GMA) Xibond™ 920 gives interesting results. It is worthy to note that
the addition of 3 phr Xibond™ 920 leads to higher tensile strength regarding neat bioPET, reaching
values of 47.1 MPa with a parallel increase in elongation up to values of 6.09% (57% increase compared
to neat bioPET and 27% the same composition without compatibilizer). This indicates that Xibond™
920 is providing somewhat compatibilization properties to this binary system. Similar findings have
been obtained using a Zn2+ ionomer on PET/PA6 blends with improved elongation at break and
toughness compared to an uncompatibilized blend [41]. Y. Huang et al. [42], reported the exceptional
compatibilizing effect of the glycidyl group by using an epoxy resin (E-44) as a compatibilizer in
PET/PA6 blends. C.T. Ferreira et al. [43] reported the potential of reactive extrusion of recycled PET and
recycled PA by a reaction of the carboxyl end-chain groups in PET and the amine end-chain groups
in PA with a noticeable improvement in mechanical properties using tin(II) 2-ethylhexanoate as a
trans-reaction catalyst. Regarding the hardness, as both polymers show similar Shore D values, it is
not possible to observe a tendency with varying composition as shown in Table 3.
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Table 3. The mechanical properties of binary bioPET/bioPA blends obtained from tensile, hardness and
Charpy tests.

Code σb (MPa) εy (%) Shore D Impact Strength (kJ·m−2)

PET100 46.7 ± 2.3 3.87 ± 0.30 75 ± 2.5 23.1 ± 4.4
PET90 41.5 ± 4.6 4.30 ± 0.39 75 ± 2.5 27.0 ± 3.8
PET80 42.8 ± 2.5 4.71 ± 1.04 75 ± 2.8 30.3 ± 3.6
PET70 41.4 ± 0.6 4.80 ± 0.40 75 ± 2.9 40.5 ± 9.9

PET70Xibond1 41.3 ± 0.8 5.01 ± 0.69 73 ± 2.9 42.9 ± 2.7
PET70Xibond3 47.1 ± 1.1 6.09 ± 0.86 75 ± 2.3 43.4 ± 1.6
PET70Xibond5 40.6 ± 4.5 6.63 ± 1.94 74 ± 2.5 44.6 ± 3.9

Regarding the impact strength which is measured through the Charpy impact test, it is worthy
to note that all the developed materials have increased impact strength in comparison to neat
bioPET. Neat bioPET offers a quite brittle behaviour with an impact-absorbed energy of 23.1 kJ·m−2.
The uncompatibilized binary blend with 10 wt % bioPA1010 offers an increased impact strength
of 27.0 kJ·m−2 (which represents a percentage increase of approximately 16.9%). This result is in
total agreement with other ductile properties such as elongation at yield (εy). Y. Yan et al. [44]
reported the lubricant effect of PA56 on PET blends at a molecular level with the subsequent effect
on mechanical properties. This phenomenon has been observed in other binary blends composed
of a brittle polymer matrix in which a rubber-like material is finely dispersed, even with poor
miscibility between them. J. Urquijo et al. [45] reported a remarkable increase in both elongation
at the break and impact strength in binary blends of poly(lactic acid) (PLA) and different loadings
of poly(ε-caprolactone) (PCL). J. Urquijo et al. demonstrated the relevance of the elongation rate
on the final elongation and, regarding the impact strength, they attributed the improvement to the
small particle size of PCL-rich domains embedded in the brittle PLA-rich matrix which positively
contributed to absorb energy in impact conditions. Similar findings have been reported with PLA/PCL,
PHB/PCL, PLA/PBS binary blends [46–49], ternary PLA/PHB/PCL blends [50], and some poly(ester)
copolymers [51]. This improved toughness is more evident in an uncompatibilzed blend containing
30 wt % bioPA1010 reaching an impact strength of 40.5 kJ·m−2 (75.3% increase). The effect of the
compatibilizer has a positive effect on improved toughness as it can be seen in Table 2. Xibond™ 920 is
a random copolymer of poly(styrene-glycidyl methacrylate) (PS-GMA) and gives excellent results in
compatibilizing condensation polymers. This is because of the glycidyl methacrylate group which can
interact with both hydroxyl end-groups in bioPET and amine (primary or secondary) in bioPA1010, thus
leading to somewhat compatibilization with a marked effect on impact strength. The addition of 5 phr
Xibond™ 920 gives an impact strength of 44.6 kJ·m−2 (93.1% increase compared to neat bioPET and an
additional 10.1% compared to the uncompatibilized blend containing 30 wt % bioPA1010). It is evident
the positive effect of the compatibilizer in improved toughness. With regard to the bio-based content,
the blends with 30 wt % bioPA with compatibilizer show a bio-based content of approximately 50%.
The GMA-based copolymers have been reported as good compatibilizers in different blends containing
PAs or polyesters due to their reactivity with both polymers, such as PA6/PP [52,53], PA6/PVF [54],
PET/PP [55], HDPE/PET [56].

The improved toughness is directly related to the morphology of the obtained materials.
Figure 3 gathers FESEM images of uncompatibilized bioPET/bioPA blends. Figure 3a shows the fracture
surface of neat PET with a typical rigid and brittle material, that is, very smooth surfaces resulting
from microcrack appearances and their growth without plastic deformation. This brittle behaviour
for neat PET has been reported by A.R. McLauchlin et al. [57] in PET/PLA blends. Figure 3b shows
the morphology of the uncompatibilized binary blend containing 10 wt % bioPA. This morphology is
remarkably different to neat bioPET. In particular, it is possible to observe a brittle fracture surface
with a noticeable increase in roughness due to presence of small-sized bioPA immiscible droplets
embedded into the bioPET matrix. As the bioPA wt % increases, the roughness is more evident, and the
characteristic brittle fracture disappears. In Figure 3d, corresponding to the binary blend with 30 wt %
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bioPA, it is possible to observe the characteristic droplet-like structure of an immiscible polymer
blend in which bioPA appears in the form of spherical droplets with an average size of approximately
3.9 ± 1.1 μm. This size is higher than the average size observed for lower bioPA content. It is evident
that by increasing the bioPA content, the average particle size increases due to the particle coalescence
as reported by A.M. Torres-Huerta et al. [58] on PET/PLA and PET/chitosan blends. Y. Yan et al. [44]
reported the high immiscibility of PET blends with PA56 (up to 30 wt %) and used dissipative particle
dynamics (DPD) to assess the immiscibility of both polymers and how the PA56 domains increase with
increasing PA56 content. The poor compatibility between these polymers can be observed at a 30 wt %
bioPA in the blends as the morphology shows the typical spherical bioPA droplets embedded in the
matrix (sea-island morphology) as well as some voids with the same average diameter consisting of
some bioPA droplets on the holes which have been produced after being pulled out during the impact
test. This pulling out occurs because of the poor polymer-polymer interactions.

 

Figure 3. Field emission scanning electron microscope (FESEM) images of the fractured surface from
an impact test at 1000x corresponding to uncompatibilized bioPET/bioPA blends with different bioPA
content, (a) 0 wt % (PET100), (b) 10 wt % (PET90), (c) 20 wt % (PET80) and (d) 30 wt % (PET70).

These results suggest that the poly(styrene-ran-glycidyl methacrylate) copolymer (PS-GMA) can
positively contribute to a partial compatibilization effect due to the reaction of the glycidyl groups
with both hydroxyl terminal groups in bioPET and amine groups in bioPA [54,55]. Y. Huang et al. [42]
reported the reactivity of the glycidyl group of an epoxy resin (E-44) in a PET/PA6 binary blend. As the
nature of both bioPET and bioPA is the same as petroleum-derived PET and other semicrystalline
polyamides, it is possible to assume similar reactions as described in by Y. Huang et al. That study
reported the greater tendency of the glycidyl group to react with polyamide due to the presence of
many hydrogen bonding (together with carboxylic and amine end-chains) while the reaction of the
glycidyl group with PET is restricted to hydroxyl and carboxyl end-chains. Moreover, Y. Huang et al.
further reported evidences of these reactions by extracting the polyamide fraction by formic acid which
was subjected to FTIR analysis. This analysis showed a shift of the N–H bending from 1560 to 1544
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cm−1 and shift of the C=O stretching from 1662 to 1642 cm−1, both changes indicating the reaction of
PA6 with the glycidyl group in E-44 epoxy resin. In addition, the characteristic peaks of PET at 1730,
1104 and 730 cm−1 were also detectable by FTIR thus giving consistency to the grafting process.

The indirect effects of these reactions can also be detectable by a remarkable change in surface
morphology as it can be seen in Figure 4. The addition of PS-GMA Xibond™ 920 gives a noticeable
decrease in the droplet size of bioPA-rich domains. There is not a great difference between the images
corresponding to the compatibilized bioPET/bioPA blends containing 1, 3 or 5 phr PS-GMA. At this
magnification (1000×), it can be realized that the droplet diameter has been reduced down to values
under 1 μm. This situation can be clearly observed in Figure 5 which shows a comparative FESEM
image of the uncompatibilized blend with 30 wt % bioPA and the same blend with 3 phr PS-GMA
Xibond™ 920.

Figure 4. Field emission scanning electron microscope (FESEM) images of the fractured surface from
an impact test at 1000x corresponding to compatibilized bioPET/bioPA blends with different loadings
of Xibond™ 920 (in phr), (a) 1 phr, (b) 3 phr and (c) 5 phr.

As can be seen in Figure 5, the uncompatibilized blend (Figure 5a) shows a characteristic
morphology, typical of poor polymer-polymer interactions. The particle droplet average diameter is
3.9 ± 1.1 μm as indicated previously. It is possible to observe this lack (or poor) interaction between
both polymers. In fact, it is evident that some bioPA droplets have been removed (white rectangles)
and there is a small gap between the bioPA spheres and the surrounding bioPET matrix (white arrows).
Nevertheless, this gap is relatively low compared to other immiscible systems (it is in the nanoscale
range), and this contributes to improved tensile properties and toughness as indicated previously.
Furthermore, when observing Figure 5b is that the droplet size has been reduced in a remarkable way
in the same blend with 3 phr PS-GMA compatibilizer. The new droplet size for the compatibilized
blend is 0.62 ± 0.27 μm which is remarkably lower than the average size of bioPA-rich domains in the
uncompatibilized blend. In addition, the surface morphology of the polymer matrix is different. As can
be seen in Figure 5a for the uncompatibilized blend, the bioPET matrix is quite smooth while this surface
is completely different in the compatibilized blend (Figure 5b) since it is remarkably rougher as reported
by Y. Pietrasanta et al. [56] on HDPE/PET blends compatibilized with glycidyl polymers. Regarding the
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gap between the embedded bioPA droplets, the morphology is also different since these embedded
bioPA domains seem to be more embedded in the compatibilized blend. Similar findings have been
reported for other PET-based immiscible blends such as those developed by C. Carrot et al. [59]
(PET/PC) with a clear change in morphology in the presence of compatibilizers, O.M. Jazani et al. [60]
(PET/PP), A.M. Torres-Huerta et al. [58] (PET/PLA) and (PET/chitosan), among others.

Figure 5. Detailed FESEM images corresponding to (a) uncompatibilized bioPET/bioPA blend with
30 wt % bioPA (PET70) and (b) compatibilized bioPET/bioPA blend with 30 wt % bioPA and 3 phr
Xibond™ 920 (PET70Xibond3).

3.2. Thermal and Thermo-Mechanical Properties of Binary BioPET/BioPA Blends

The main thermal transitions of the developed materials are gathered in Figure 6. The neat bioPET
shows in a clear way the main transitions. The step change in the 70–80 ◦C range corresponds to
the glass transition phenomenon (Tg) and it is 75.2 as shown in Table 4. Then, a peak located in the
120–140 ◦C range corresponds to the cold crystallization process which involves crystallization of
the fraction that has not been able to crystallize because of the cooling rate. This process shows a
characteristic peak temperature (Tcc_PET) of 133.2 ◦C. Finally, the melt process can be observed at
higher temperatures of 225–260 ◦C with a peak temperature of 248.2 ◦C. The addition of bioPA up to
30 wt % on uncompatibilized blends does not provide any remarkable change in the Tg with values
of approximately 75–76 ◦C, very similar to neat bioPET. Although these Tg values cannot be clearly
seen in Figure 6a,b, the Tg values were obtained from the zoomed DSC thermograms in the 65–85 ◦C
leading to the values shown in Table 4. Regarding the cold crystallization process, bioPA plays a
key role in this process. By the addition of 10 wt % bioPA, the peak temperature moved down to
values of 121.9 ◦C, thus indicating bioPA enables crystallization of bioPET. Above 10 wt % bioPA, the
cold crystallization process disappears and a slight decrease in the maximum crystallinity of bioPET
(calculated with the obtained melt enthalpy values, ΔHm_PET) can be detected as seen in Table 3. In fact,
neat bioPET shows a maximum degree of crystallinity of 22.7% and it is slightly reduced to the values
of 19.9% for the uncompatibilized blend containing 30 wt % bioPA. The melt peak temperature does
not change in a remarkable way for all the developed materials and moves between the 247–248 ◦C
narrow range. The effect of the PS-GMA compatibilizer is interesting. As can be seen in Table 4, a
clear decrease in the crystallinity is detected from 19.9% (uncompatibilized blend with 30 wt % bioPA)
to 17.3% in same composition with 3 phr Xibond™ 920. These results are in total agreement with
those reported by Y. Huang et al. [42] who indicated a key role of the interface on crystallization as
the interface is directly related to two relevant phenomena: Crystal nucleation and crystal growth.
Y. Huang et al. report the use of an epoxy resin (E-44) as a compatibilizer in PET/PA6 blends and they
conclude that although the epoxy resin can positively contribute to improve mechanical properties, a
decrease in crystallinity is observed with increasing E-44 content due to the formation of less perfect
crystals as a consequence of the increased interactions. Moreover, this study confirmed independent
crystallization of PET and PA6 as suggested by the wide angle of the x-ray diffraction spectroscopy
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(WAXD). In fact, Y. Huang et al. also report a different effect of epoxy compatibilization on hindering
crystallization on both PET and PA6. The glycidyl group has more reactive points with PA6 due to the
high number of hydrogen bonding in the structure while the reaction of the glycidyl group with PET
is restricted to hydroxyl and carboxyl groups located at the end-chains. Y. Huang et al. reported a
percentage decrease in the melt enthalpy of PET of approximately 25.9% while the decrease for PA6
is close to 40%. Due to the nature of both bioPET and bioPA, the same behaviour with the glycidyl
compatibilizer is expected as can be seen in Table 4 with a clear large decrease in the melt enthalpy of
bioPA compared to bioPET with increasing Xibond™ 920. On the other hand, Quiles-Carrillo et al. [61]
reported a clear decrease in crystallinity by reactive extrusion of PLA with maleinized hemp seed oil
(MHO). This decrease was attributed to the high reactivity of the maleic anhydride groups towards
the hydroxyl groups in PLA which can give chain extension, branching and even, some crosslinking,
all these phenomena having a negative effect on crystallization and formation of imperfect crystals.
Quiles-Carrillo et al. [62] also reported a similar effect on PLA by using another reactive compatibilizer
derived from soybean oil, namely, acrylated epoxidized soybean oil (AESO).

 

 

Figure 6. A plot comparative of the differential scanning calorimetry (DSC) thermograms corresponding
to binary bioPET/bioPA blends.
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The immiscibility of both polymers is also evident from DSC as two melt peaks are obtained with
very slight changes in their corresponding peak temperature values. BioPA shows a melt peak located
at 202–203 ◦C with whatever the composition may be. Nevertheless, the crystallinity is also affected by
the presence of bioPET as the major component. As expected, the crystallinity of bioPA increases with
increasing bioPA content from 9.8% (10 wt %) up to 16.9% (30 wt %) since the presence of higher bioPA
loadings promote more intense and independent nucleation and crystal growth processes. Nevertheless,
the effect of PS-GMA is the same as in the case of bioPET. The reaction between glycidyl groups in
PS-GMA with both bioPET and bioPA polymer chains leads to the formation of imperfect crystals which
is responsible for a decrease in the overall crystallinity as seen in Table 4, down to values of 10.2% for the
compatibilized blend with 30 wt % bioPA and 5 phr Xibond™ 920. Another interesting finding is that
the compatibilizer leads to a slight increase in the Tg of bioPET up to values of 78 ◦C which is indicating
that chain mobility is restricted. Despite this, the determination of Tg by DSC is sometimes complex
and inaccurate due to the problems related to the base line and the dilution effect in polymer blends.
Similar findings have been reported by D. Garcia-Garcia et al. [63], using reactive extrusion of PHB
and PCL with different dicumyl peroxide (DCP) loadings. The reaction of the free radicals generated
by DCP can react with both PCL and PHB thus leading to partial compatibilization. These reactions
reduce chain mobility as observed by the dynamic mechanical-thermal analysis (DMTA).

Table 4. A summary of the main thermal parameters of binary bioPET/bioPA blends obtained by
differential scanning calorimetry (DSC).

Code
bioPET bioPA

Tg (◦C) Tcc (◦C) ΔHcc (J g−1) ΔHm (J g−1) Tm (◦C) χc (%) ΔHm (J g−1) Tm (◦C) χc (%)

PET100 75.2 133.2 27.6 −31.8 248.2 22.7 - - -
PET90 75.8 121.9 11.7 −27.5 248.8 21.8 −2.4 202.5 9.8
PET80 75.6 - - −25.3 247.6 22.6 −4.9 202.4 10.0
PET70 75.4 - - −19.5 246.7 19.9 −12.4 201.9 16.9

PET70Xibond1 78.3 - - −19.1 247.9 19.7 −8.8 202.4 12.1
PET70Xibond3 78.6 - - −18.4 247.6 19.3 −8.7 202.5 12.2
PET70Xibond5 77.3 - - −16.20 248.1 17.3 −7.1 203.1 10.2

Regarding thermal stability (degradation at high temperatures), Table 5 shows a summary of some
thermal degradation parameters obtained by thermogravimetry (TGA). Two different characteristic
temperatures are gathered in this table, the temperature required for a weight loss of 5% which is
representative for the onset degradation (T5%) and the maximum degradation rate temperature (Tmax)
which corresponds to the peak maximum of the first derivative TGA curve (DTG). As can be seen, the
T5% for the neat bioPET is 382.6 ◦C and the addition of bioPA contributes to delay the onset degradation
process as the T5% characteristic temperature is moved up to 397.4 ◦C for the uncompatibilized blend
containing 30 wt % bioPA. This is because PA1010 has more thermal stability than PET. The effect
of the PS-GMA compatibilizer is a slight increase in the onset degradation temperature up to values
close to 404 ◦C with 3 phr Xibond™ 920. Regarding the maximum degradation rate, it is worthy to
note a decreasing tendency with increasing bioPA loading on blends. This could be related to the fact
that PA1010 is more thermally stable than PET but the degradation rate of PA1010 (change in weight
loss with temperature) is higher than PET. For this reason, the Tmax shows a decreasing tendency.
S. Jiang et al. [64] reported that the onset degradation temperature of PA1010 is located at 419.2 ◦C
which is remarkably higher than PET, thus contributing to improved thermal stability.
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Table 5. A summary of the thermal degradation of binary bioPET/bioPA blends obtained by
thermogravimetry (TGA) analysis.

Code T5% (◦C) Tmax (◦C)

PET100 382.6 452.6
PET90 392.8 450.4
PET80 393.2 443.7
PET70 397.4 441.1

PET70Xibond1 399.3 442.6
PET70Xibond3 403.7 446.9
PET70Xibond5 394.7 441.8

Regarding the effect of bioPA and the PS-GMA copolymer on mechanical-dynamical thermal
properties, Figure 7 gathers some characteristic curves corresponding to the neat bioPET and the
uncompatibilized and compatibilized (5 phr Xibond™ 920) blend with 30 wt % bioPA. Two main effects
can be observed on the storage modulus, G′. On the one hand, bioPET is stiffer than its blends with
bioPA independently of the PS-GMA compatibilizer. T. Serhatkulu et al. [65] showed this flexibilization
phenomenon on PET/PA6 blends. On the other hand, the presence of bioPA minimizes the cold
crystallization process as observed in DSC. In fact, some cold crystallization occurs in bioPET/bioPA
blends but DSC is not sensitive enough to detect it. However, these slight changes can be observed by
DMTA as seen in Figure 7a. Another interesting phenomenon is the shift of the cold crystallization
process towards lower temperatures which is in total accordance with the results obtained by DSC.
The intensity of the cold crystallization can be observed in Figure 7b as the shoulder located to the
right side. The Tg values follow a similar tendency as that observed with DSC but DMTA seems to be
more accurate to obtain these parameters. In particular, the Tg for neat bioPET is 79.9 ◦C while the
binary blend with 30 wt % bioPA shows a Tg of 81.1 ◦C and the compatibilized blend (PET70Xibond5)
offers a Tg of 80.5 ◦C.

 
Figure 7. Cont.
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Figure 7. The dynamic mechanical thermal behaviour (DMTA) of binary bioPET/bioPA blends in terms
of increasing temperature (a) storage modulus, G′ and (b) dynamic damping factor, tan δ.

In addition to the dynamic mechanical-thermal analysis (DMTA), the dimensional stability has
been studied by thermomechanical analysis (TMA). Figure 8 shows the TMA profiles of neat bioPET as
well as the uncompatibilized and compatibilized (5 phr Xiboond™ 920) blend containing 30 wt % bioPA.
From these TMA curves, it is possible to see the thermal behaviour of these materials. Below 60 ◦C,
all three materials show a linear expansion (see Table 6 for values of the coefficient of linear thermal
expansion, CLTE). Below this temperature, the slope is low compared to the slope above 120 ◦C.
The glass transition temperature (Tg) can be observed in the temperature range of 65–80 ◦C as the onset
of a change in the slope. The slope is very high in the rubbery state from 80 ◦C up to 100 ◦C. Then,
the slope is negative which is indicating increased dimensional stability. This is caused by the cold
crystallization process. As seen previously by DSC, the cold crystallization peak is clearly detectable
for neat bioPET and it is almost negligible for blends with high bioPA content. These results are in
accordance with those shown in Figure 6 as the highest change in the dimensions can be seen for neat
bioPET due to the cold crystallization process. Nevertheless, this change is very short for the other
developed materials. Finally, above 120 ◦C, the linear tendency stabilizes, therefore indicating the
cold crystallization has finished. Regarding the CLTE values (Table 6), it is worthy to note they follow
the same tendency observed for ductile properties. The CLTE for neat bioPET is 152.4 μm m−1 K−1,
and it increases with increasing bioPA loading up to values of 347.3 μm m−1 K−1. The effect of the
compatibilizer is that expected since the reaction between the PS-GMA and bioPET and bioPA produces
a restriction on chain mobility and this has a positive effect on dimensional stability. Notably, the CLTE
value for the blend with 30 wt % bioiPA is compatibilized with 5 phr Xibond™ 920. All these results
are in total agreement with the mechanical properties above-mentioned.
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Figure 8. A comparative plot of thermomechanical behaviour of binary bioPET/bioPA blends in terms
of increasing temperature.

Table 6. The calculated coefficient of linear thermal expansion (CLTE) of bioPET/bioPA blends obtained
by thermomechanical analysis (TMA).

Code CLTE (μm·m−1·K−1)*

PET100 152.4 ± 12.2
PET90 162.4 ± 10.4
PET80 262.1 ± 15.1
PET70 347.3 ± 22.9

PET70Xibond1 325.8 ± 45.0
PET70Xibond3 163.2 ± 19.3
PET70Xibond5 172.4 ± 22.9

* The CLTE has been calculated form the slope below 60 ◦C.

4. Conclusions

This work reports the viability of binary blends of partially bio-based poly(ethylene terephthalate)
(bioPET) and fully bio-based poly(amide) 10,10 (bioPA1010) up to 30 wt % bioPA1010. Due to their
immiscibility, a poly(styrene-ran-glycidyl methacrylate) (PS-GMA) copolymer (Xibond™ 920) is used
to provide enhanced interaction. These blends can reach up to 50 wt % bio-based content without
compromising other mechanical and thermal properties. The effectiveness of the PS-GMA has been
corroborated with an increase in toughness, elongation at yield and tensile strength for a Xibond™
920 loading of 3 phr. A FESEM study revealed a clear droplet-like structure with a bioPET matrix
embedding bioPA-rich spherical (droplets) domains. The exceptional compatibilization effect of
Xibond™ 920 in this binary blend is assessed by a remarkable decrease in the droplet diameter changing
from almost 4 mm (uncompatibilized blend with 30 wt % bioPA) down to values lower than 1 mm
(compatibilized blend with 30 wt % bioPA and 3 phr Xibond™ 920). Regarding the thermal properties,
bioPA inhibits cold crystallization and a decrease in the degree of crystallinity of bioPET due to the
formation of imperfect crystals. Xibond™ 920 also gives improved dimensional stability to blends thus
leading to a new series of binary blends with balanced properties and a clear positive environmental
impact since the bio-based content of these blends is close to 50 wt %.
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