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Preface to ”Graphene-Polymer Composites II”

Graphene-polymer nanocomposites continue to gain interest in diverse scientific and

technological fields. Graphene-based nanomaterials present the advantages of other carbon

nanofillers, like electrical and thermal conductivity, while having significantly lower production costs

when compared to materials such as carbon nanotubes, for instance. In addition, in the oxidized

forms of graphene, the large specific area combined with a large quantity of functionalizable chemical

groups available for physical or chemical interaction with polymers, allow for good dispersion and

tunable binding with the surrounding matrix. Other features are noteworthy in graphene-based

nanomaterials, like their generally good biocompatibility and the ability to absorb near-infrared

radiation, allowing for the use in biomedical applications, such as drug delivery and photothermal

therapy.

This Special Issue provides an encompassing view on the state of the art of graphene-polymer

composites, showing how current research is dealing with new and exciting challenges. The

published papers cover topics ranging from novel production methods and insights on mechanisms

of mechanical reinforcement of composites, to applications as diverse as automotive and aeronautics,

cancer treatment, anticorrosive coatings, thermally conductive fabrics and foams, and oil-adsorbent

aerogels.
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Graphene-polymer nanocomposites continue to gain interest in diverse scientific and
technological fields. Graphene-based nanomaterials present the advantages of other car-
bon nanofillers, like electrical and thermal conductivity, while having significantly lower
production costs when compared to materials such as carbon nanotubes, for instance.
In addition, in the oxidized forms of graphene, the large specific area combined with a
large quantity of functionalizable chemical groups available for physical and/or chemical
interaction with polymers, allow for good dispersion and tunable binding with the sur-
rounding matrix. Other features are noteworthy in graphene-based nanomaterials, like
their generally good biocompatibility and the ability to absorb NIR radiation, allowing for
the use in biomedical applications, such as drug delivery and photothermal therapy.

This Special Issue provides an encompassing view on the state of the art of graphene-
polymer composites, showing how current research is dealing with new and exciting
challenges. The published papers cover topics ranging from novel production methods
and insights on mechanisms of mechanical reinforcement of composites, to applications as
diverse as automotive and aeronautics, cancer treatment, anticorrosive coatings, thermally
conductive fabrics and foams, and oil-adsorbent aerogels. The most impactful works are
summarized in this editorial.

Taking advantage of graphene’s unique mechanical properties, Irez et al. newly
designed lightweight and cost-efficient composite materials for the aeronautic industry
using recycled fresh scrap rubber, epoxy resin, and graphene nanoplatelets (GnPs). After
manufacturing the composites, their bending strength and fracture characteristics were
investigated by three-point bending (3PB) tests. Halpin–Tsai homogenization adapted
to composites containing GnPs was used to estimate the moduli of the composites, and
satisfactory agreement with the 3PB test results was observed. In addition, 3PB tests were
simulated by the finite element method incorporating the Halpin–Tsai homogenization,
and the resulting stress–strain curves were compared with the experimental results. Me-
chanical test results showed that the reinforcement with GnPs generally increased the
modulus of elasticity as well as the fracture toughness of these novel composites. The
typical toughening mechanisms observed were crack deflection and cavity formation.
Considering the advantageous effects of GnPs on these novel composites and the cost
efficiency gained by the use of recycled rubber, these composites have the potential to
be used to manufacture various components in the automotive and aeronautic industries
as well as smart building materials in civil engineering applications [1]. The mechanical
behavior of graphene/polymer interfaces in the graphene-reinforced epoxy nanocomposite
is one of the factors that dictates the deformation and damage response of the nanocom-
posites. Koloor et al. performed hybrid molecular dynamic (MD) and finite element (FE)
simulations of a graphene/polymer nanocomposite to characterize the elastic-damage
behavior of graphene/polymer interfaces under a tensile separation condition. The MD
results show that the graphene/epoxy interface behaves in the form of an elastic-softening
exponential regressive law. The FE results verified the adequacy of the cohesive zone model
in accurate prediction of the interface damage behavior. The graphene/epoxy cohesive
interface was characterized by normal stiffness, tensile strength, and fracture energy of
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5 × 10−8 (aPa nm−1), 9.75 × 10−10 (nm), 2.1 × 10−10 (N nm−1), respectively, followed by
an exponential regressive law with the exponent, α = 7.74. It was shown that the commonly
assumed bilinear softening law of the cohesive interface could lead up to a 55% error in the
predicted separation of the interface [2].

Using a different resin, Liu et al. prepared graphene-reinforced tung oil (TO)-based
unsaturated polyester nanocomposites via in situ melt polycondensation integrated with
Diels–Alder addition. Functionalized graphene sheets derived from graphene oxide (GO)
were then extracted from the obtained nanocomposites and carefully characterized. The
mechanical and thermal properties of the TO-based unsaturated polyester resin (UPR) were
greatly improved by the incorporation of GO. At the optimal GO content (0.10 wt.%) the
nanocomposite showed a tensile strength and a tensile modulus of 43.2 MPa and 2.62 GPa,
and Tg of 105.2 ◦C, which were 159%, 191%, and 49.4% higher than those of the unreinforced
UPR/TO resin, respectively. Compared to neat UPR, the biobased UPR nanocomposite
with 0.10 wt.% of GO even demonstrated superior comprehensive properties (comparable
stiffness and Tg, while better toughness and thermal stability). Therefore, the developed
biobased UPR nanocomposites are very promising to be applied in structural plastics [3].

Functional fabrics have gained attention as an environmentally-friendly synthesis
route. Yang et al. developed novel bamboo pulp fabrics with thermal conductivity proper-
ties by coating the fabric with graphene and cellulose nanocrystal (G/CNC) solutions. The
influences of G and CNC concentrations on the properties of fabrics were studied. It was
found that the viscosities of the G/CNC solutions increased with an increase of G contents.
G had an obvious thickening effect. Furthermore, compounded fabrics with different G
and CNC contents (GCBPFs) were prepared and extensively characterized in terms of their
thermal and mechanical properties as well as morphology. The ultimate thermal conduc-
tivity, bursting strength, and tensile strength of the GCBPF were 0.136 W/m K, 1.514 MPa,
and 25.8 MPa, with 4 wt.% CNC and 3 wt.% G contents. The results demonstrated that the
as-fabricated GCBPFs with favorable thermal conductivity could be applied as a novel fast
cooling textile for the clothing industry [4].

Under the current situation of frequent oil spills, the development of green and
recyclable high-efficiency oil-absorbing aerogel materials has attracted wide attention from
researchers. Zhou et al. reported a high-strength, three-dimensional hydrophobic cellulose
nanofiber (CNF)/polyvinyl alcohol (PVA)/graphene oxide (GO) composite aerogel with an
anisotropic porous structure, which was fabricated by directional freeze-drying technology
using anisotropically grown ice crystals as a template, followed by hydrophobic treatment
with a simple dip-coating process. The prepared composite aerogel presented anisotropic
multi-level pore microstructures, low density (17.95 mg/cm3), high porosity (98.8 %),
good hydrophobicity (water contact angle of 142◦), and great adsorption capacity (oil
absorption reaching 96 times its own weight). More importantly, the oriented aerogel had
high strength, whose compressive stress at 80% strain reached 0.22 MPa, and could bear
more than 22 times its own weight without deformation. Therefore, a CNF/PVA/GO
composite aerogel could be prepared by a simple and easy-to-operate directional freeze-
drying method, being a promising absorbent for oil-water separation [5].

Besides the graphene-based materials intrinsic properties and the interactions with
the polymer matrix, the amounts of filler used and the composite production methods
can have an impact on its final properties. Huang et al. studied the effects of increasing
graphene nanosheet (GNS) concentrations on variations in the structure and properties
of electrospun GNS-filled poly(trimethylene terephthalate) (PTT/GNS) composite fibers,
such as in its morphology, crystallization behavior, mechanical properties, and electrical
conductivity. The effects of GNS addition on solution rheology and conductivity were
also investigated. GNSs were embedded in the fibers and formed protrusions. The PTT
cold crystallization rate of PTT/GNS composite fibers increased with the gradual addition
of GNSs. A PTT mesomorphic phase was formed during electrospinning, and GNS
could induce the PTT mesomorphic phase significantly during PTT/GNS composite fiber
electrospinning. The PTT/GNS composite fiber mats (CFMs) became ductile with the
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addition of GNS. The elastic recoveries of the PTT/GNS CFMs with 170 ◦C annealing were
better than those of the as-spun PTT/GNS CFMs. Percolation scaling laws were applied to
the magnitude of conductivity to reveal the percolation network of electrospun PTT/GNS
CFMs. The electrical conductivity mechanism of the PTT/GNS CFMs differed from that
of PTT/GNS composite films. Results showed that the porous structure of the PTT CFMs
influenced the performance of the mats in terms of electrical conductivity [6]. Hendrix
et al. developed a method exploiting high-speed elongational flow in a novel designed
batch mixer, creating a distribution of pristine few to many layer graphene flakes. The
method focuses on exfoliating in a molten polyamide 66 (PA66) matrix, creating a graphene
reinforced polymer matrix composite (G-PMC). The process revealed that high-speed
elongational flow was able to create few layer graphene. Graphite exfoliation was found
driven in part by diffusion, leading to the intercalation of PA66 in graphite. The intercalated
structure lead to increases in the hydrogen bonding domain, creating anisotropic crystal
domains. The thermal stability of the G-PMC was found to be dependent on the degree of
exfoliation, the PA66 crystal structure, and composite morphology. The aim of this research
was to characterize uniquely produced graphene containing polymer matrix composites
using a newly created elongational flow field. Using elongational flow, graphite can be
directly exfoliated into graphene within a molten polymer [7].

Graphene impermeability against water, oxygen, and ions diffusion, together with its
large surface area, make it an outstanding material for application in anticorrosion surface
coatings. Lei et al. studied the corrosion behavior of zinc-rich epoxy primers or paints
(ZRPs) with different conducting polyaniline-grafted graphene (PANI/Gr) contents. The
conductivity of the formed PANI/Gr nanosheets was significantly improved by employing
Gr as the inner template to synthesize the PANI. The protective properties and the elec-
trochemical behavior of coatings with artificial defects were investigated by monitoring
the free corrosion potential versus time and by using localized electrochemical impedance
spectroscopy (LEIS). A synergetic enhancement of the physical barrier role of the coating
and the zinc sacrificial cathodic protection was achieved in the case of ZRP including
PANI/Gr nanosheets. In addition, the ZRP mixed with the PANI/Gr at a content of 0.6%
exhibited the best anticorrosion performance across the range of investigated PANI/Gr
contents [8].

Graphene and graphene polymer composites have been widely explored for the de-
velopment of medical implants, antibacterial materials, biosensors, drug and gene delivery
systems, as well as phototherapy platforms. Gurunathan et al. produced graphene oxide–
green platinum nanoparticles (GO-PtNPs) using vanillin and studied its effect on human
prostate cancer cells (LNCaP). GO-PtNP cytotoxicity in LNCaP cells was demonstrated by
measuring cell viability and proliferation. Both decreased in a dose-dependent manner
compared to that by GO or PtNPs alone. GO-PtNP cytotoxicity was confirmed by increased
lactate dehydrogenase release and membrane integrity loss. Oxidative stress induced
by GO-PtNPs increased malondialdehyde, nitric oxide, and protein carbonyl contents.
The effective reactive oxygen species generation impaired the cellular redox balance and
eventually impaired mitochondria by decreasing the membrane potential and ATP level.
The cytotoxicity to LNCaP cells was correlated with increased expression of proapoptotic
genes (p53, p21, Bax, Bak, caspase 9, and caspase 3) and decreased levels of antiapop-
totic genes (Bcl2 and Bcl-xl). Activation of the key regulators p53 and p21 inhibited the
cyclin-dependent kinases Cdk2 and Cdk4, suggesting that p53 and p21 activation in GO-
PtNP-treated cells caused genotoxic stress and apoptosis. The increased expression of genes
involved in cell cycle arrest and DNA damage and repair as well as the increased levels
of 8-oxo-deoxyguanosine and 8-oxoguanine suggested that GO-PtNPs potentially induce
oxidative damage to DNA. Thus, GO-PtNPs are both cytotoxic and genotoxic. LNCaP cells
appear to be more susceptible to GO-PtNPs than to GO or PtNPs. Thus, GO-PtNPs have
potential as an alternate and effective cancer therapeutic agent. In other words, this work
shows that the combination of graphene oxide with platinum nanoparticles opens up new
perspectives in cancer therapy. However, further detailed mechanistic studies are required
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to elucidate the molecular mechanism of GO-PtNPs induced cytotoxicity in prostate can-
cer [9]. Costa-Almeida et al. used a one-step thermal reduction and noncovalent chemical
functionalization process to produce PEGylated reduced nanographene oxide (rGOn-PEG)
from nanographene oxide (GOn). Nanomaterials were characterized in terms of particle
size, dispersion stability, chemistry, and photothermal properties, in view of its use for
photothermal therapy (PTT) of nonmelanoma skin cancer. GOn infrared spectrum pre-
sented more intense bands assigned to oxygen containing functional groups than observed
for rGOn-PEG. GOn C/O ratio decreased more than 50% comparing with rGOn-PEG
and nitrogen was present in the latter (N at.% = 20.6) due to introduction of PEG-NH2.
Thermogravimetric analysis allowed for estimating the amount of PEG in rGOn-PEG to be
of about 56.1%. Simultaneous reduction and PEGylation increased the lateral dimensions
from 287 ± 139 nm to 521 ± 397 nm, as observed by transmission electron microscopy
and dynamic light scattering. It was found that rGOn-PEG exhibited roughly 13-fold
higher absorbance in the near-infrared radiation (NIR) region, as compared to unmodified
GOn. Low power (150 mW cm−2) NIR irradiation using LEDs resulted in rGOn-PEG
heating up to 47 ◦C, which is within the mild PTT temperature range. PEGylation strongly
enhanced the dispersibility of rGOn in physiological media (phosphate buffered saline,
fetal bovine serum, and cell culture medium) and also improved the biocompatibility of
rGOn-PEG, in comparison to GOn (25–250 µg mL−1). After a single NIR LED irradiation
treatment of 30 min, a decrease of ≈38% in A-431 cells viability was observed for rGOn-PEG
(250 µg mL−1). Together, these results demonstrate the potential of irradiating rGOn-PEG
using lower energy, cheaper, smaller, and safer LEDs as an alternative to high-power lasers
for NIR mild hyperthermia therapy of cancer, namely nonmelanoma skin cancer [10].

Data Availability Statement: No new data were created or analyzed in this study. Data sharing is
not applicable to this article.
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Abstract: This study proposes a new design of lightweight and cost-efficient composite materials for
the aeronautic industry utilizing recycled fresh scrap rubber, epoxy resin, and graphene nanoplatelets
(GnPs). After manufacturing the composites, their bending strength and fracture characteristics were
investigated by three-point bending (3PB) tests. Halpin–Tsai homogenization adapted to composites
containing GnPs was used to estimate the moduli of the composites, and satisfactory agreement
with the 3PB test results was observed. In addition, 3PB tests were simulated by finite element
method incorporating the Halpin–Tsai homogenization, and the resulting stress–strain curves were
compared with the experimental results. Mechanical test results showed that the reinforcement with
GnPs generally increased the modulus of elasticity as well as the fracture toughness of these novel
composites. Toughening mechanisms were evaluated by SEM fractography. The typical toughening
mechanisms observed were crack deflection and cavity formation. Considering the advantageous
effects of GnPs on these novel composites and cost efficiency gained by the use of recycled rubber,
these composites have the potential to be used to manufacture various components in the automotive
and aeronautic industries as well as smart building materials in civil engineering applications.

Keywords: toughening mechanisms; graphene nanoplatelets; recycled rubber; Halpin–Tsai; SEM

1. Introduction

Over the past decades, aeronautic companies have been continuously trying to reduce the overall
cost and mass of an aircraft to better compete with their rivals. Mass reduction leads to lower fuel
consumption and CO2 emissions. Therefore, development of low-cost and lightweight materials to
be used in the manufacture of various aircraft parts constitutes an important task for engineers in
aeronautic companies.

In aircrafts, polymer-based composites are used widely in the manufacturing of various structural
and functional components including the wings, tail, and skin panels. In material selection, structural
requirements are, of course, important. Also, the cost of the material should be minimized without
compromising the structural requirements. To that end, proposing a low-cost, lightweight aircraft
material was the main objective of this study.

Polymer-based composites are extensively used to manufacture lightweight structural components.
Including recycled materials in the production may result in cost efficiencies as well as ecological
solutions. Epoxy, a thermosetting polymer, which is relatively easy to process and has low cost, is
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often used as the matrix material in the polymer-based composites. Although epoxies have high
stiffness and specific strength and are environmentally stable [1], they are brittle due to the fact of
their highly cross-linked network structure. Therefore, to improve the toughness of epoxy, secondary
phase particles, such as soft (thermoplastic particles, rubber) and rigid fillers, are added [2–4]. Hence,
the use of recycled rubber in the proposed composites can meet the expectations on toughness and
material cost.

The disposal of used or scrap rubber parts poses a technical, ecological, and economic challenge
due to the fact of their vulcanized structure [5]. For instance, discarded tires in a landfill can hold water,
creating habitats for mosquito larvae as well as other animals such as rodents and snakes [6]. These
sites can potentially be sources for diseases such as malaria, cephalitis, dengue, and chikungunya.
Besides, if the rubber piles in the landfills burst into flames, it is difficult to extinguish [7]. In addition,
some additives in the rubber discarded at landfills, such as colorants, stabilizers, flame retardants, and
plasticizers, may leach into the soil and cause further ecological problems [8–10]. Using recycled rubber
in composite manufacturing can help to reduce the impact of discarded rubber on the environment
with the added benefit of cost reduction. Various research groups have reported studies on recycled
rubber-epoxy blends. As the first example, a research group used recycled rubber to modify epoxy resin
to improve its toughness, with minimal change on strength and stiffness. In their study, it is proposed
that the manufactured material can be used to manufacture railroad cross ties in high volumes [11].

Another research group argued that the blends of epoxy and recycled rubber can be used in
agricultural areas for cementing the adhesive bonding of larger units. In addition, the same material
can serve to fill larger cracks and to shape imbalances [12]. Also, due to the quite inhomogeneous
cross-linked structure of rubbers and rubber-like materials, recycled rubber-modified epoxies can be
utilized as sound and vibration dampers [13–16].

Apart from the positive outcomes, it is claimed that recycled rubber particles significantly decrease
the shear strength of the overlapped adherent because the boundary of the particles and the resin
promote the formation of cracks, decreasing the strength [17]. In order to compensate for the decrease
in strength, hybridization of the composite by fillers, such as graphene nanoplatelets (GnPs), offer an
optimum composition as a bracket material to be used in aircraft wings [10,18,19].

Nano graphene has unique properties as a result of its 2D honeycomb structure which makes
it a promising nanoscale inclusion for polymer nanocomposites. It has an outstanding mechanical
strength (130 GPa) and specific elasticity modulus (1 TPa) [20–22]. Besides, the high surface area of
the nano fillers can improve the properties of the composites even at very low contents compared to
the microscale fillers [23–25]. Also, as an added benefit, high electrical conductivity of graphene can
reduce the risk of damage to aircrafts from lightning strikes.

In the frame of this research, after manufacturing these novel composites, three-point bending
(3PB) tests were carried out to determine the fundamental mechanical properties, and the results
were compared with FEM modelling and with a modified Halpin–Tsai homogenization adapted to
GnP-consisting composites. In addition, composite fracture toughness was examined using notched
specimens. Lastly, fracture surfaces were observed with a scanning electron microscope (SEM) to study
the toughening and damage mechanisms.

2. Experimental Procedure

2.1. Materials

In this study, graphene nanoplatelets, recycled EPDM (ethylene propylene diene monomer)
rubbers, and epoxy matrix were used to manufacture the specimens. Graphene nanoplatelets were
procured from Alfa Aesar™with the specific name of “Graphene nanoplatelets aggregates, sub-micron
particles, S.A. 500 m2/g”. This product consists of sub-micron platelets which have a diameter of less
than 2 microns and a thickness of around 5 nanometers. The tensile modulus and the density of the
of the GnPs were listed as 1 TPa and 2.25 g/cm3, respectively. For the matrix, Araldite DBF epoxy
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resin and its hardener Aradur HY 956 EN were obtained from Hunstman™. Araldite DBF has a tensile
modulus of 2880 MPa and a density of 1.1 g/cm3. The hardness of Araldite DBF is given as 80 in Shore
D scale for 25 ◦C. Recycled EPDM rubber was supplied by a sports equipment manufacturer in Sofia,
Bulgaria, as fresh scrap, i.e., they were collected directly from the production line as waste parts and
pulverized. No contaminants were found in the rubber such as metallic particles which could oxidize
and overheat the rubber or degrade the adhesion of rubber with the matrix. The average diameter
of the rubber particles was measured as 10.44 µm by a Cilas™ 990 Laser Particulate Analyzer. The
modulus of elasticity of the EPDM rubber was provided by the recycled rubber supplier as 6 MPa,
elongation at break was 80–100%, its hardness was 37–40 Shore A, and the density was 1.4 g/cm3.

2.2. Materials Processing and Experimental Characterization

The manufacturing process of the composites is illustrated in Figure 1, and more details can be
found in our previous paper [4]. Sonication was performed to distribute GnPs and rubber particles
more homogeneously in the epoxy matrix. Degassing of the molded final composite was required to
eliminate the air bubbles that may have generated during the polymerization of epoxy.
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Figure 1. Manufacturing flow chart for the recycled ethylene propylene diene monomer
(EPDM)-modified epoxy-based composites.

In this study, the content of rubber particles and GnPs added to epoxy were varied to investigate
their effects on the mechanical properties of the composite. The compositions of the composites
(referred to as LG, LR, and LRG composites hereafter) used in the study are given in Table 1.

Table 1. Composition of Graphene nano platelets (GnP)-reinforced recycled rubber-blended
epoxy-based composites.

LRG Composites GnP Content (wt. %)

Rubber content (wt. %) 0% 0.5% 1.0% 1.5%
0% LG0.5 LG1.0 LG1.5

10% LR10 LR1G0.5 LR1G1.0 LR1G1.5
20% LR20 LR2G0.5 LR2G1.0 LR2G1.5
30% LR30 LR3G0.5 LR3G1.0 LR3G1.5

LRG: Epoxy + rubber + graphene nanoplatelets.
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The densities of the composites were measured with a pycnometer, and Shore D hardness
measurements were carried out according to the ASTM D 2240 standard. Quasi-static three-point
bending tests (3PB-Instron 5569, Norwood, MA, USA) were performed in accordance to the ASTM
D790 standard. Load on the specimen and midspan deflection were measured during each test.
Midspan deflection of the specimen was measured by the crosshead position. In addition, fracture
toughness parameters, such as critical stress intensity factor (KIc) and critical strain energy release rate
(GIc), were investigated with single-edge notched-beam (SENB) specimens according to the ASTM
D5045 standard. At least five specimens for each composition were used. The SEM fractography
(Scope/JSM-6010LA Jeol®, Tokyo, Japan) was performed on the fracture surfaces to identify the
toughening and damage mechanisms.

3. Results and Discussion

3.1. Physical Characteristics of the Manufactured Composites

The measured densities of the LRG composites are given in Table 2.

Table 2. Density of the manufactured composites.

Composition
Name

Density
(g/cm3)

Composition
Name

Density
(g/cm3)

Composition
Name

Density
(g/cm3)

LR10 1.120 LR20 1.115 LR30 1.035
LG0.5 1.145 LG1.0 1.154 LG1.5 1.160

LR1G0.5 1.130 LR2G0.5 1.125 LR3G0.5 1.047
LR1G1.0 1.155 LR2G1.0 1.130 LR3G1.0 1.076
LR1G1.5 1.159 LR2G1.5 1.142 LR3G1.5 1.113

As expected, composite densities increased with the increasing GnP content. Density of the
ternary composites (LRG) were bracketed by the densities of the binary (LG and LR) composites.
Moreover, in binary group composites (LR groups), increasing rubber content decreased the density of
the composites. When this trend is compared with the Shore D hardness, it is observed that the hardness
of the composites was reduced. The density reduction also lowered the mechanical performance of
the binary composites. Strain at break and the maximum flexural stress suffered from the decreasing
density in the LR groups. However, in the ternary group composites (LRG), the composite performance
cannot be simply associated to the density. More intricate mechanisms are involved in the composite
performance together with density.

Another physical characteristic of the composites, surface hardness, is presented in Table 3.

Table 3. Surface hardness measurement of the manufactured composites in Shore D scale.

Composition
Name Shore D Composition

Name Shore D Composition
Name Shore D

LR10 74.8 ± 0.3 LR20 72.8 ± 0.3 LR30 64.4 ± 0.4
LG0.5 70.6 ± 0.5 LG1.0 76.2 ± 0.4 LG1.5 75.6 ± 0.2

LR1G0.5 74.2 ± 0.4 LR2G0.5 75.8 ± 0.1 LR3G0.5 72.4 ± 0.1
LR1G1.0 72.6 ± 0.2 LR2G1.0 75.0 ± 0.2 LR3G1.0 71.6 ± 0.5
LR1G1.5 74.0 ± 0.5 LR2G1.5 75.8 ± 0.2 LR3G1.5 70.2 ± 0.1

It can be seen that the addition of 0.5 wt. % GnP did generally enhance the composite hardness
due to the fact of their hard nature compared to rubber and epoxy. However, there was no remarkable
change in hardness when reinforcement contents were increased further to 1.0 wt. % and then to
1.5 wt. %. As GnPs have high affinity and strong van der Waals forces, they tend to agglomerate
when their content is increased. For this reason, it is difficult to distribute GnPs homogeneously in the
microstructure and have a proportional increase in the hardness.
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3.2. Mechanical Characterization of the Manufactured Composites by Means of 3PB Tests

The results from the three-point bending tests are given in Figure 2 for one sample from each
composite group, and all results are summarized in Table 4 with their standard deviations.

Polymers 2020, 12, x FOR PEER REVIEW 6 of 17 

 

 

 
Figure 2. Engineering stress–strain curves of the manufactured composites. 

The strain at break generally increased for 0.5–1.5 wt. % GnP loading for 10 wt. % recycled rubber 
content which indicates better chain mobility. However, with a further increase in recycled rubber 
loading as the number of particles increase, chain mobility as well as elongation at break decreased. 
The poor flexural strength of LR2G and LR3G group composites was mainly due to the 
inhomogeneous dispersion of recycled rubber filler in the epoxy matrix and the presence of GnPs 
agglomerates in the composite which inhibited stress transmission and reduced the flexural strength 
of the composite. 

Table 4. Three-point bending (3PB) test results. 

Figure 2. Engineering stress–strain curves of the manufactured composites.

11



Polymers 2020, 12, 448

Table 4. Three-point bending (3PB) test results.

Composition Name Ultimate Flexural Stress
(MPa)

Flexural Modulus
(MPa) Strain at Break

Neat epoxy 78.96 ± 1.22 1465.83 ± 145.05 0.13 ± 0.017
LG0.5 63.05 ± 11.58 1297.28 ± 193.76 0.064 ± 0.004
LG1.0 74.11 ± 1.78 1439.75 ± 101.60 0.061 ± 0.003
LG1.5 78.97 ± 2.49 1582.23 ± 111.73 0.057 ± 0.004
LR10 61.58 ± 1.64 1454.71 ± 16.28 0.049 ± 0.002
LR20 48.33 ± 1.02 1149.64 ± 20.74 0.045 ± 0.001
LR30 34.27 ± 3.77 478.25 ± 64.13 0.037 ± 0.001

LR1G0.5 59.65 ± 0.54 1478.84 ± 84.15 0.055 ± 0.004
LR1G1.0 59.18 ± 0.20 1475.10 ± 25.70 0.046 ± 0.001
LR1G1.5 59.08 ± 0.67 1294.78 ± 29.11 0.057 ± 0.002
LR2G0.5 47.94 ± 0.25 1417.84 ± 13.69 0.035 ± 0.001
LR2G1.0 48.49 ± 1.01 1474.58 ± 19.79 0.034 ± 0.001
LR2G1.5 48.61 ± 0.74 1537.54 ± 28.97 0.033 ± 0.001
LR3G0.5 35.53 ± 0.55 1064.35 ± 20.10 0.035 ± 0.001
LR3G1.0 36.71 ± 0.42 1079.57 ± 8.66 0.035 ± 0.001
LR3G1.5 38.68 ± 0.24 1135.30 ± 6.65 0.030 ± 0.001

Figure 2 shows that for LG composites (epoxy and GnPs), the strain at break increased with
increasing GnP content, whereas for the LR composites (epoxy and rubber), the strain at break decreased
with increasing rubber content. It is also observed in Table 4 that GnPs did not have a significant effect
on the strength of the composites.

The increase in rubber content resulted in a drop in both the strength and strain at break of the
composites. This tendency can be related to the poor interfacial adhesion of the recycled EPDM and
epoxy blends. Because the EPDM rubber was vulcanized during the post-processing phase of its
manufacturing cycle, it lacked free links on its surface. Thereby, the recycled EPDM lacked free links
also, making it difficult to have a chemical bond with epoxy. Because of the incompatibility between
recycled EPDM and epoxy, composite interfaces may contain some voids, and this gives rise to low
stress transfer from the matrix to the rubber particles reducing the global rigidity of the compounds.
Moreover, in the course of the solidification, different contractions of rubber and epoxy can bring some
inequalities in the internal stress balance which leads to void formations at the composite interfaces.
In addition, by the increasing content of the recycled rubber particles, the possibility to observe any
agglomerations increases. Therefore, these agglomerations create the weak parts of the composite.
As a consequence, when the composites are subjected to any loading, these abovementioned voids
and agglomerations constitute the weak points of the composite where cracks can initiate. This state
produces premature failure. Also, low rigidity of recycled EPDM has an effect in the drop of the
mechanical properties of the composites.

The strain at break generally increased for 0.5–1.5 wt. % GnP loading for 10 wt. % recycled rubber
content which indicates better chain mobility. However, with a further increase in recycled rubber
loading as the number of particles increase, chain mobility as well as elongation at break decreased.
The poor flexural strength of LR2G and LR3G group composites was mainly due to the inhomogeneous
dispersion of recycled rubber filler in the epoxy matrix and the presence of GnPs agglomerates in the
composite which inhibited stress transmission and reduced the flexural strength of the composite.

These arguments are supported by the fracture surface images in Figure 3a,b, taken after the
3PB tests. Figure 3a indicates the fracture surface of a composition with 10 wt. % of rubber, whereas
Figure 3b shows a composition with 30 wt. % rubber. In Figure 3b, the composite with 30 wt. %
rubber content had more discontinuities, shown with the red circles and arrows, at the epoxy and
rubber interfaces in comparison to the composite with 10 wt. % rubber content. In Figure 3a,b, rough
areas show recycled rubber particles, whereas smooth areas indicate the epoxy matrix. In addition, in
Figure 3b, compared to composites with lower rubber content, more agglomerates of rubber particles
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are observed. Because of the above factors, the increase in rubber content enhanced the amount of
discontinuities, resulting in a reduction in strength and strain at break of the composites manufactured.
Therefore, GnPs were introduced into the composite structure to compensate for these adverse effects
of recycled rubber. The GnPs’ rigid nature enhanced the composites’ modulus of elasticity. However,
the GnPs were not able to efficiently compensate for the mentioned adverse effects of recycled rubber
for stress and strain at break [26,27].Polymers 2020, 12, x FOR PEER REVIEW 8 of 17 
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In addition, the flexural moduli of the LR1G0.5 and LR1G1.5 groups indicate some deviations from
the expected values. This can stem from the issues related to composite manufacturing. For instance,
during the mixture process, rubber particles and GnPs can aggregate in the microstructure, and these
may create stress concentrations resulting in lower mechanical properties. Also, these composites
are cured with a specific hardener at a predefined temperature. In this curing process, cross-links
are created along the polymer chains. In general, if the density of the cross-links increases, the cured
composite becomes more rigid. In this regard, during the curing procedure, some points, at the micro
scale, can locally be cured either insufficiently or excessively. Therefore, these local differences may
constitute the weak or strong points of the composites which influence the final mechanical properties.
Apart from these anomalies, addition of GnPs improved the flexural modulus of the 20–30 wt. %
recycled rubber containing epoxy blends. On the other hand, increasing rubber content degraded the
flexural modulus of the binary epoxy recycled rubber composites (ELR10 > ELR20 > ELR30).

3.3. Numerical Verification of the 3PB Tests

In this step of the study, experimental results were compared with numerical approaches. In
this context, a modified Halpin–Tsai model considering the effects of nanoplatelets was used as the
homogenization strategy. In the modified Halpin–Tsai model, shape factor and aspect ratio of the
inclusions were taken into consideration. Otherwise, incorrect shape factor adoption may lead to
erroneous results. The modified Halpin–Tsai model is given in Equations (1) and (2) [28,29]:

Ec =

(
3
8

1 + (2LG/3TG) ηLVG

1− ηLVG
+

5
8

1 + 2ηTVG

1− ηTVG

)
EP (1)

ηL =
(EG/EP) − 1

EG/EP + 2LG/3TG
ηT =

(EG/EP) − 1
EG/EP + 2

(2)

In these equations, EC is the elasticity modulus of the final composite with randomly oriented
graphene nanoplatelets, and EG and EP are the elasticity moduli of graphene and the matrix, respectively.
The modulus of elasticity of the matrix was reckoned as the combination of the EPDM rubber particles
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with epoxy according to studies in the literature [2]. VG, TG, and LG refer to the volume fraction,
thickness, and length of graphene. The dimensions of the graphene sheets were provided by the
supplier of the GnPs. On the other hand, to estimate the modulus of elasticity of the epoxy–recycled
rubber blend, classical H–T equations were used, as below:

Em2

Ematrix
=

1 + ξηϕR

1− ξηϕR
, η =

ER
Ematrix

− 1
ER

Ematrix
+ ξ

, (3)

Here, Em2, ER, and Ematrix are the modulus of elasticity of the epoxy–rubber blend, recycled
rubbers, and the epoxy matrix, respectively, and ER was taken as 6 MPa. ϕR is the volume fraction of
the rubber particles, the shape factor ξ of the rubber particles was assumed to be 2 (spherical particles).

The moduli of the composites estimated according to Equations (1)–(3) are presented in Figure 4
along with the experimental results.Polymers 2020, 12, x FOR PEER REVIEW 9 of 17 
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Figure 4. Experimental results and Halpin–Tsai model comparison of elasticity modulus of LRG
composites by the increasing content of GnPs.

Figure 4 shows that the moduli of elasticity of the ternary composites (LRG groups) obtained by
the Halpin–Tsai model had a reasonable agreement with the experimental results. In particular,
the Halpin–Tsai model had better agreement with the experimental results for 20–30 wt. %
rubber-containing composites. In general, for the compositions of LR2G and LR3G groups, the
Halpin–Tsai model underestimated the moduli of elasticity. The synergistic effect of GnPs and rubber
at the higher contents may be a reason for getting higher moduli experimentally than that predicted
by the Halpin–Tsai model. The unanticipated decline in the experimental results is attributed to
agglomeration of GnPs and recycled rubber particles at the higher contents.

After using the Halpin–Tsai for the homogenization, 3PB tests were simulated under the same
test conditions by using the Abaqus™ FEM solver. These FEM calculations were performed mainly to
observe the stress field of the composites subjected to bending moments as well as to plot the numerically
obtained stress–strain curves to compare with the experimental ones. Numerical simulations were
only implemented for the LR2G1.5 and LR3G1.5 group compositions, as the modified Halpin–Tsai
modelling yielded estimates for the moduli that compared satisfactorily with the experimental results.
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In these simulations, material properties such as density, obtained from different characterization
methods were introduced to the FEM solver, and the tests were simulated by dimensions of the
specimens used in the simulations which were the same as the actual specimens used in the 3PB
experiments. Boundary conditions were also implemented as in the 3PB tests. The displacements
leading to the failure of the specimens (displacement at break) were imposed on the specimens in
Abaqus™ as in the 3PB tests. In Table 5, the fundamental characteristics of the numerical calculations
in Abaqus are given. After running the calculations in Abaqus™, results were obtained and compared
with the experimental results.

Table 5. Parameters used in FEM.

FEM Parameters

Contact properties Loading tip—specimen: Frictionless, Hard contact
Mesh properties C3D8R: A 8-node linear brick

Stress dependence Isotropic

The stress field obtained from the FEM analysis for the LR2G1.5 specimen under 3PB loading is
given in Figure 5. As expected, at midspan, at the bottom of the specimen maximum tensile stress was
observed. This stress leads to crack initiation followed by crack propagation and eventually to the
failure of specimen.
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Figure 6 depicts the experimental and numerical comparison of the stress–strain curves for the
LR2G1.5 and LR3G1.5 group specimens. A reasonable estimate of the experimental results were
observed by using Halpin–Tsai homogenization in this numerical modelling. The lack of yielding on
the stress–strain curves indicates the brittle failure of the composites. In addition, the non-linearity in
the curve can be associated to a combination of interfacial slippage and the expansion of plasticity in
the matrix. By this way, the energy absorption capability can be increased while preserving the high
stiffness of the composite [30].
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3.4. Determination of the Fracture Toughness and Toughening Mechanisms Identification by Means of SEM

Due to the manufacturing and post-processing methods or during service, cracks or defects
may occur in the materials. Also, some discontinuities or particles with undesired geometries inside
the microstructure can behave as cracks, and they can be responsible for the fracture of materials.
Therefore, it is not always the most reliable way to design critical aeronautical part, such as the
brackets in the wings, by considering the yield strength of the manufactured composites, since fractures
may occur in the presence of cracks at smaller loads. For this reason, using fracture mechanics is
considered the best option to get through such problems [31]. Fracture toughness is a numerical
designation of the resistance of material to crack propagation under load. After performing bending
tests using SENB-type notched specimens, the fracture toughness (KIc) and fracture energy (GIc) of the
manufactured composites are given in Figure 7.
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In Figure 7a, the favorable impact of GnPs on fracture toughness of the epoxy resin is quite
apparent. As explained in detail in the following sub-section, toughening mechanisms, including GnPs
layer separation and crack deflection, can increase the fracture toughness of the epoxy resin. Moreover,
increasing the content of GnPs improved the KIc of these binary composites. In addition, fracture

energy (GIc) is a second order function of KIc ((GIc =
KIc

2(1−v2)
E )) v: Poisson’s ratio, E: Modulus of

Elasticity), and this explains the similar trend of GIc to KIc. However, this quadratic form of GIc leads to
larger error bars in Figure 7.

The variation of KIc and GIc was not as smooth for the epoxy–recycled rubber blends with GnPs
(Figure 7b–d). As explained before, epoxy–recycled rubber blends may contain many discontinuities in
the microstructure. Moreover, it is challenging to distribute GnPs uniformly in the epoxy matrix (high
affinity of carbon atoms and van der Waals forces) which can influence the fracture toughness of the
composites. Therefore, it is not surprising to observe fluctuations in the KIc-GIc of the epoxy–recycled
rubber and GnP-containing ternary composites [32–34].

Lastly, in Figure 7d, for 30 wt. % rubber content, the relative magnitudes of KIc and GIc were
different than the 10 and 20 wt. % rubber. This is due to the fact that the elastic modulus of LR30 was
much lower than the elastic moduli of LR10 and LR20.

After mechanical tests, the fracture surfaces of the 3PB test specimens were observed via SEM.
From these observations, various toughening mechanisms were determined.

One toughening mechanism was observed as crack deflection. If a crack comes across a hard
particle or a different form of a reinforcement during its propagation, it finds alternative paths to
maintain its propagation. As a consequence, a wavy crack propagation line is observed as seen in
Figure 8c. The GnPs in the epoxy matrix may behave as stress concentrators, and they generate many
micro-cracks. These micro-cracks increase the total fracture surface area because of crack deflection [35].
Also, a height difference between the deflected crack front and the original crack front is observed once
the crack is deflected. This leads to a tortuous passage and explains the rough surfaces observed in
Figure 8a [36,37].

Moreover, shear forces during the crack propagation facilitate the separation of the graphene
sheets. To separate the GnP sheets, a certain amount of energy needs to be consumed and this energy
is provided from the fracture energy. If a certain quantity of fracture energy is consumed, the energy
needed to propagate the crack will not be enough for total rupture. Therefore, this phenomenon
improves the fracture toughness. Also, the crack deflection and GnP layer separation create a combined
toughening mechanism. This combined mechanism generates a characteristic “dimple-type” fracture
surface which is shown in Figure 8a,b [38,39]. These dimple-type fracture surfaces are also accepted as
crack initiation sites.

Another toughening mechanism is shown in Figure 9a as shear yielding (indicated with shear
bands marked with the red arrow). Also, inside the red circle in Figure 9a, cavitated and torn rubber
particles surrounded by epoxy matrix can be observed. This encircled zone is magnified in Figure 9b,
and the local rough surfaces in this figure show an enhanced area of fracture in these composites. This
circumstance is an indicator for mechanisms of crack deflection and cavitation.
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Many factors can lead to cavitation such as the resin system, curing pressure, environmental
conditions. Hence, it is challenging to attain a void-free composite section. In the epoxy matrix, plastic
deformation of the polymer and debonding of the inclusions can remarkably alter the number and
the size of the voids formed. In this research, to modify the epoxy matrix, GnPs and recycled EPDM
rubber were used. The GnPs and recycled rubber have high bulk moduli (K = E/3(1 – 2ν)). Because
GnPs possess a high modulus of elasticity (E � 1000 GPa), recycled EPDM rubber also has a Poisson’s
ratio (v) of around 0.49. This states that GnPs and recycled EPDM particles are very rigid elastic bodies
when they are subjected to triaxial stresses, and they are going to be highly resistant to any volumetric
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deformation. However, Poisson’s ratio of the epoxy matrix is approximately 0.33 which is substantially
lower than rubber. Moreover, the epoxy matrix strain softens after yielding which is seen typically in
the glassy polymers, and accordingly, the yielded epoxy matrix is going to be relatively compliant and
will plastically deform more smoothly. However, the “rigid” rubbery phase and GnPs will obstruct
any significant plastic dilatation in the matrix, unless these GnPs and rubber particles are pulled-out
from the epoxy matrix or if the rubber particles do not internally cavitate. Thereby, by the interfacial
debonding of GnPs and rubbers, some of the stored strain energy is dissipated and it is followed by
shear yielding and shear band formation of the epoxy matrix encircling the fillers.

Shear yielding identified by shear bands is an important mechanism that enhances the strength of
the polymer in the case of ductile fracture. Even though the final composite indicates a brittle fracture,
crack propagation includes a localized viscoelastic and plastic energy dissipating process around the
crack tip because of the polymer matrix. As a result, energy absorption is promoted by this mechanism
in the material, and it enhances the material’s fracture toughness [40,41].

Following to debonding and shear yielding, cavitation arises in the epoxy matrix surrounding
GnPs and rubber particles because of the localized plastic flow. Then, by the increasing the number of
cavitations and plastic deformation of the epoxy matrix, some amount of the stored strain energy is
dissipated which improves the composites’ fracture toughness [42–45].

Lastly, when GnPs are found in front of the crack during crack propagation, twisted crack pathways
are generated due to the GnPs as shown in Figure 10. In these regions, some of the fracture energy can
be dissipated by the interaction of GnPs with the crack. In Figure 10, a lamellar structure (inside red
ellipse) was observed as an indicator of the ductile yielding. This structure also indicates the transition
between ductile and brittle states [46]. As a consequence, if there is ductile yielding, more energy can
be dissipated during the fracture which increases the fracture toughness of the composites [47].Polymers 2020, 12, x FOR PEER REVIEW 14 of 17 
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Fracture surface observation on the ternary composites showed different toughening mechanisms
provided by GnPs and rubbers. The GnP layer separation and crack deflection were seen as the
main mechanisms that improved the fracture toughness of the composites. In addition, cavitation
and shear yielding were promoted by the presence of the recycled rubbers and GnPs. In conclusion,
a good combination of different toughening mechanisms improved the fracture toughness of the
manufactured composites.

The results presented in this study constitute a permitted part of an ongoing project with
the aeronautic industry. The complete design of the considered element could not be presented
in this manuscript in detail. The idea to use recycled rubber with the combination of epoxy and
graphene nanoplatelets was presented in this manuscript. Based on the comparison of numerical
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and experimental results, the mechanical strength of the manufactured composites can be improved
further by using more advanced manufacturing facilities enabling them to resist the applied loads more
effectively. Therefore, these composites can provide a cost-efficient solution for aircraft manufacturers.

4. Conclusions

A solution blending method was used to manufacture epoxy-based novel composites for
aeronautical applications. This method is a practical solution for manufacturing such composites at
laboratory scale, and it can be scaled up to an industrial level easily. Increasing the rubber content
brings a reduction in the density of the epoxy–recycled rubber blends, and this can be considered a
positive outcome for the sake of the lightweight property of the composites. However, due to the
interface issues and agglomerations, higher rubber rates can be avoided for the composites targeting
mechanical performance. Otherwise, surface modifiers can be used on recycled rubbers to increase
their affinity with the epoxy resin. In addition, the positive effect of GnPs on the fracture toughness and
the elastic modulus was more apparent by the increasing rubber content. Therefore, GnP reinforcement
becomes more reasonable for the increased rubber content.

Halpin–Tsai homogenization proposes a rapid estimation of the elasticity modulus of the ternary
group composites, and it can be utilized to simulate the mechanical behavior of the composites in the
elastic region.

It was seen that GnPs were involved in many toughening mechanisms which brought about
significant improvement in the fracture toughness of the epoxy. In particular, the improvement in
the mechanical performance with a very low content of GnP indicates the potential of this kind
of composite.

By considering all the results in this study, these novel composites can be used in auxiliary
components in the wings of an aircraft as well as luggage weather strip and radiator lining
manufacturing in the automotive industry after eliminating issues with homogeneity. Moreover,
manufactured composites may offer potential applications not only in aeronautics but also in the
building engineering industry as smart building materials. One interesting hint should be given for
aeronautic manufacturers here: the very high electrical conductivity of GnPs brings a new and original
idea for the multifunctionality of these novel composites, and it may reduce the damage risk from
lightning strikes.
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Abstract: The mechanical behavior of graphene/polymer interfaces in the graphene-reinforced epoxy
nanocomposite is one of the factors that dictates the deformation and damage response of the
nanocomposites. In this study, hybrid molecular dynamic (MD) and finite element (FE) simulations
of a graphene/polymer nanocomposite are developed to characterize the elastic-damage behavior
of graphene/polymer interfaces under a tensile separation condition. The MD results show that the
graphene/epoxy interface behaves in the form of elastic-softening exponential regressive law. The FE
results verify the adequacy of the cohesive zone model in accurate prediction of the interface damage
behavior. The graphene/epoxy cohesive interface is characterized by normal stiffness, tensile strength,
and fracture energy of 5 × 10−8 (aPa·nm−1), 9.75 × 10−10 (nm), 2.1 × 10−10 (N·nm−1) respectively,
that is followed by an exponential regressive law with the exponent, α = 7.74. It is shown that the
commonly assumed bilinear softening law of the cohesive interface could lead up to 55% error in the
predicted separation of the interface.

Keywords: adhesives; cohesive zone model; finite element method; graphene-polymer
nanocomposite; graphene/polymer interface; molecular dynamics; regressive softening law

1. Introduction

The ever-increasing demands for the usage of graphene-reinforced polymer composites in
advanced instruments such as gas sensors, electrodes for batteries, solar cells, etc., require in-depth
mechanical characterization of these nanomaterials [1–3]. Graphene nanostructure is a two-dimensional
sheet of carbon atoms in a honeycomb hexagonal arrangement, which have shown exceptional potential
for enhancing the thermal, mechanical, and electrical properties of polymers [4–6]. The excellent
properties of the graphene sheets have motivated researchers to further explore the behavior of this
nanostructure and its composition with polymers, which require new development of experimental
methods, analytical approach, and numerical investigation [2,7–10]. The composition of graphene
and polymer creates a nanocomposite with excellent mechanical properties, which is derived not
only from the properties of the graphene and the polymer, but also from the interaction of these
two constituent materials [2,8,11,12]. The load transfer between the reinforcement and the matrix in
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a composite is strongly affected by the interface between the two phases [13–15]. Therefore, the interface
properties have a significant influence on the global behavior of nanocomposite materials, and should
be considered in the design and simulation of the nanocomposite structures [14–17].

While numerous investigations have been performed on the mechanical characterization of the
graphene, polymers, and graphene-polymer nanocomposites [4,14,18–22], a limited study was reported
on the behavior of the graphene/polymer interface [10,16,23]. The behavior of the graphene/polymer
interface is traceable to the atomic interactions between the two materials, thus could be quantified
through simulations at the atomic level [10]. Among the various atomistic approaches, molecular
dynamics (MD) and molecular structural mechanics (MSM) have been used to simulate the physical and
mechanical behaviors of graphene-polymer nanocomposites [16,21,24–26]. In addition, the atomistic
methods have been combined with the continuum-level approaches through multiscale modelling
to quantify the mechanical response of nanocomposite materials [8,27,28]. In the continuum-based
approach, the mechanical behavior of graphene-polymer nanocomposite is calculated using the
multiscale models with random distribution of graphene structures in the polymer matrix [14,22,28,29].
In these models, the graphene/polymer interface was simulated either as perfectly bonded [23], using
a spring model that behaves according to Lennard–Jones (L-J) potential [28], with the effective interface
layer model [22,30], using a linear spring model for imperfect interface [14], or with the cohesive
imperfect zone model [29]. The embedded graphene in the graphene-polymer nanocomposite exhibits
different mechanical properties compared to the isolated one because the atomic interactions cause
the formation of an imperfect bond between the polymer and the graphene [8]. Different studies
on graphene- and nanocarbon fiber-reinforced polymer matrix composites reported a significant
variation in the mechanical properties of the materials due to the Van der Waals interactions
of the nanostructure with the surrounding polymer atoms during the curing process [8,19,31].
Such interaction creates a distinct interface between the nanostructured graphene and polymer
phases, as identified by an irregular distribution of the polymer with an asymmetric density around
the nanostructured graphene.

The cohesive zone model (CZM) is often used to simulate the elastic-damage behavior of the
interface in composites at different length scales [13,16,29,32–34]. In the cohesive zone modelling,
the interface behaves with linear elastic response to damage initiation at the maximum stress level,
followed by damage evolution as represented by various forms of the softening laws [33,35–38]. In MD
simulation, the cohesive law defines the atomic interaction at the micro-/nano-interface. It has been
employed in the simulation of the deformation and fracture of graphene grain boundary [34], perfectly
flat graphene sheet interacting with polyethylene [16], and embedded-atom method potentially for
interface behavior of planar, tilt nano-grain boundary interface [39]. In addition, the hybrid MD-finite
element (FE) simulation has been used to simulate the atomistic mechanism of the grain-boundary
debonding of solid materials using the cohesive law [40]. The research has demonstrated the flexibility
of the CZM to capture the linear-nonlinear behavior of the interface in single- and multi-phase materials,
and at different length scales.

The objective of this study is to establish an accurate methodology for predicting the properties and
mechanical response of the graphene/polymer interface in graphene-reinforced epoxy nanocomposites
employing both the MD and FE simulation procedures. In the modeling process, the formation of
chemical bonding at the graphene/epoxy interface during the curing of the nanocomposite is simulated
using the MD approach. An in-house code is developed to simulate the polymer cross-linking process
during the curing of the nanocomposite. Consequently, the characteristic of the graphene/epoxy
cohesive interface under the tensile separation loading is established. The resulting properties of
this nanoscale cohesive interface are then prescribed for the cohesive elements of the FE simulation
approach. This enables the accurate FE prediction of the properties and the mechanics of deformation
of the graphene-reinforced epoxy nanocomposites in the multiscale simulation.
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2. Computational Methods

2.1. Molecular Dynamics Simulation

The elastic and damage behaviors of the graphene/polymer interface in the nanocomposite were
determined through the MD simulation of the nanocomposite. For this purpose, a representative
volume element (RVE) of the graphene-polymer nanocomposite with the specifications provided in
Table 1, was created for modelling the curing process of the polymer matrix in the presence of the
graphene. The simulation of the polymer curing process and the tensile loading of the nanocomposite
using the MD modelling are described in the following subsections.

Table 1. The equilibrated representative volume element (RVE) specifications of the graphene-epoxy
nanocomposite.

Configuration
of RVE

Graphene
Sheet Length

(nm)

Box Volume
(nm3)

Number
of Epoxy

Molecules

Number of
Hardener
Molecules

Density after Curing
Process and Final NPT
Equilibration (g/cm3)

Long 4.540 × 4.520 143.653 258 86 1.1865

2.1.1. Cross-Linking of the Polymer during the Curing Process

The initial molecular model of the polymer was created in PACKMOL software. The model was
then submitted to the large scale atomic/molecular massively parallel simulator (LAMMPS) software
to model the curing process of the polymer [41,42]. The polymer matrix consists of Diglycidyl Ether
of Bisphenol F (EPON 862) and Triethylenetetramine (TETA) as the resin and hardener respectively,
with a stoichiometric ratio of 3:1. In an epoxy reaction with the hardener group, the lone pair of nitrogen
atoms is attached to the open epoxy rings. However, such an in-situ reaction could not be modelled
in the classical MD simulation based on Newton’s laws, which requires the chemical bonds and the
subsequent atomic structures to be defined prior to the simulation and remain unchanged until the
end of the process. Therefore, an algorithm was developed to simulate the reaction between hardener
and EPON through the cross-linking process. In this algorithm, the epoxy rings of the EPON molecule
were opened to form activated EPON 862, to simplify this reaction before packing, as illustrated in
Figure 1a. Then, the EPON and TETA molecules with optimized geometries were loaded with the
ratio of 390:130 inside the simulation box. This procedure was done at the density of 0.8 g/cm3 in order
to restrict the formation of unreal configuration and huge forces which occur due to the ring spearing
and atoms overlapping [43,44]. The density of the molecular system was increased to the real density
through the initial equilibration level by the isothermal-isobaric ensemble (NPT) [23,45,46]. Figure 1b
shows the variation of the RVE density with respect to the simulation time after the initial equilibration.
The curing process was performed subsequently on this equilibrated molecular system.

In the modelling of the nanocomposites RVE, the graphene sheet was inserted along the x-y
plane such that its center-of-mass is placed on the center of the simulation box, while the polymer
molecules were positioned around the graphene sheet. Subsequently, the curing process was applied
through the static cross-linking procedure [43,47,48]. This was executed through a written FORTRAN
programming code, and compiled in the Linux platform. The code consists of the following steps:

1. It was assumed that the primary and secondary amines have the same reactivity with the reaction

cutoff distance of 5 Ǻ.
2. The system was checked for the bond formation at every 50 ps after each equilibration.
3. The constants in the equation of the newly-formed bonds were decreased in the first equilibration

level and progressively elevated to the real values [47].
4. The outputs were examined to update the topology parameters according to the new bonds.
5. An annealing process was implemented to release the residual stresses. In this process,

the temperature was increased to 450 K and then cooled to 300 K gradually over 2 × 106 time-steps.
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6. Steps 2 through 5 were iterated to obtain about 80% cross-linking.
7. Finally, the last NPT equilibration in an interval time of 3 ns was applied to the RVE.
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Figure 1. (a) Molecular structure of the polymer matrix used in the molecular dynamics (MD)
simulation, (b) variation of RVE density against time after the initial isothermal-isobaric ensemble
(NPT) equilibration.

The MD simulation procedure of the curing process is verified by comparing the predicted elastic
properties of the epoxy polymer with those of measured values. In this process, an RVE of the epoxy
polymer is created and cured to establish the intrinsic properties. The cured epoxy model is then
loaded in tension to establish the force-displacement response in the elastic range, thus the elastic
properties of the polymer could be determined. The details of the modelling steps are discussed
elsewhere [31]. The close comparison of the predicted and measured properties [49,50], as listed in
Table 2, serves to validate the MD modelling of the curing process.

Table 2. Properties of the epoxy polymer obtained from the MD simulation and experiments.

Parameter MD Simulation Experiments

Density, g/cm3 1.14 1.16

Poisson’s ratio 0.39 0.3–0.4

Young’s modulus, GPa 2.77 2.4–3.4

Shear modulus, GPa 1.03 1.0–1.5

2.1.2. Tensile Separation Process

The MD simulation of the graphene-polymer nanocomposite under tensile loading was performed

using LAMMPS software [42] with a pair cut-off distance of 12 Ǻ and a time step size of 1 fs.
The graphene was modelled based on the Adaptive Intermolecular Reactive Empirical Bond Order
(AIREBO) Potential of Stuart as [51]:

V =
1
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∑

i, j


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REBO
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i j +
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where, VREBO
ij is the Reactive Empirical Bond Order (REBO) potential by Brenner, VLJ

i j defines

longer-ranged interactions (2 < r < cutoff) by an equation similar to standard L-J potential, and VTORSION
kijl

describes different explicit 4-body dihedral angles [52].
The polymer matrix and the Van der Waals interactions between the graphene and polymer atoms

were simulated based on the ab initio polymer consistent force field (PCFF) [23,53,54]. The PCFF force
field is able to accurately represent the interactions between the sp2 carbon atoms of graphene and
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all of the polymer atoms in the condensed graphene-polymer nanocomposites [23,54]. In the PCFF
force field, the non-bonded Van der Waals interaction between the same type atoms (denoted by ii) is
described using the L-J potential as:

V = ε

[
2
(
σ
r

)9
− 3

(
σ
r

)6
]

r < rc (2)

where, V is the interaction energy, σ represents the distance at which the interatomic interactions are
zero, ε is the depth of the potential well, and r and rc are inter atomic and cutoff distances, respectively.
In computational chemistry, the interaction energy between two dissimilar non-bonded atoms is
obtained using the mixing rule [55]. Therefore, the values of ε and σ for two atoms of different types of
i and j were calculated based on the sixth-power mixing rule, as:

εi j =
2
(√
εiε j

)(
σ3

i σ
3
j

)

σ6
i + σ6

j

σi j =




(
σ6

i + σ6
j

)

2




1/6

(3)

The RVE was modelled as a long structure of embedded graphene in the epoxy matrix,
with a specified periodic boundary condition [31], as shown in Figure 2. In this model, the temperature
was equilibrated at 300 K and the pressure was adjusted to one atmosphere in all directions,
using the Nose–Hoover style of non-Hamiltonian equations of motion. Consequently, the pressure
was maintained uniform and equal in the x- and y-directions (graphene in-plane directions),
and independently in the z-direction. The MD simulation of the nanocomposite RVE is used to
establish the evolution of stress with the tensile deformation of the graphene/polymer interface.
The polymer atoms of the model, as shown in Figure 2, are displaced along the z-direction, such that
the distance between any two layers of the atom in the x-y-plane remains fixed. The atoms in a plane
are free to move in the x-y-plane. Under this periodic boundary condition, the RVE box dimension
is displaced in the Z-direction with a rate of 10−7 ns−1, the other faces were maintained under one
atmospheric pressure [56,57].
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Following each loading step, the stress components, τpq, were calculated using Virial expression
as [58,59]:

τpq = − 1
υ
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 (4)

where, m and ν are the mass and velocity of atom i respectively, υ is the total volume of the RVE, and f
denotes the force between atoms with i and j indices. The vector τpq represents the stress components
τxx, τyy, τzz, τxy, τxz, and τyz.

2.2. Continuum Mechanics Simulation

The MD model of the graphene-polymer nanocomposite, as shown in Figure 2, is employed in
the continuum mechanics analysis through the FE simulation. The graphene/polymer interface was
modelled with the cohesive behavior using the cohesive element.

2.2.1. Cohesive Zone Model

The mechanical behavior of the interface between two continuum bodies can be simulated using
the CZM with a bilinear traction-separation law for single- (normal or shear) and mixed-mode loading
conditions [33,35]. Under the tensile loading, the elastic-softening behavior of the interface is illustrated
in Figure 3. The interface material point behaves linearly until damage initiation occurs at the maximum
traction. This is followed by the softening process until the tensile separation of the material point.
The softening process could be described by a gradual decreasing stress with the applied displacement
through a linear, regressive, or progressive curve, as illustrated in Figure 3.
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The initial linear elastic behavior of the interface is described by:
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where, ti and δi are the traction and separation at an interface point, and indices 3, 1, and 2 refer to
mode I (normal) load, mode II, and mode III (shear) loadings, respectively. The parameter ki represents
the cohesive stiffness of the interface in the respective load direction. In this study, the pure tensile
loading mode was considered, thus the traction-displacement relation could be simplified to t3 = k3δ3.
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2.2.2. Damage Initiation and Propagation Criterion

A quadratic stress-based criterion was used to indicate the damage initiation in the mixed mode
condition as: √√


t3

T0
3




2

+

(
t2

To
1

)2

+

(
t1

To
2

)2

= d (6)

where, T0
i represents the cohesive strength, and d is the damage initiation variable. The variable d

varies from “zero” for the pristine interface to “one” indicating the onset of interface of damage. In the

pure tensile mode, Equation (6) was simplified to
(
〈t3〉
T0

3

)2
= d, The total energy dissipated during the

elastic-softening deformation of the interface, as represented by the area under the traction-displacement
curve, represents the critical strain energy release rate, (GIC, Figure 3). This is also representing the
fracture energy of the interface which is fixed for any softening law being used for the analysis.
The strain energy release rate, Gi, in each loading mode could be calculated by the following equation:

Gi =

∫ δi
f
m

0
tidδi i = 1, 2, 3 (7)

where, δi
f
m is the relative displacement at failure. This displacement is a dependent parameter to the

type of interface softening process, as shown in Figure 3. The graphene-polymer interface behavior in
this study was computed using the regressive softening law in an exponential decay form. The damage
propagation variable, dpi was defined as [60]:

dpi = 1−

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δ0

i
δi
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1− e(−α)



i = 1, 2, 3 (8)

where, α is a non-dimensional interface parameter that determined by the rate of damage evolution.
This parameter was calculated from the exponential decay curve of the interface softening behavior
through the MD simulation of the graphene-polymer interface.

2.2.3. Finite Element Simulation

The geometrical model of the RVE consisting of a graphene sheet bonded by two blocks of
epoxy polymer is shown in Figure 4a. The geometrical properties of the nanocomposite model are as
provided in Table 1. The interface thickness was determined from the MD simulation of the curing
process (see Section 3.1). Due to the symmetry of the RVE model, only one-half of the model with
one-half thickness of the graphene layer was represented in the FE simulation. The graphene layer and
the polymer block were discretized using continuum elements (8-node, linear, reduced integration
elements (C3D8R)). A layer of 8-node cohesive elements (COH3D8) were employed to represent the
graphene/epoxy interface, as illustrated in Figure 4b. A mesh convergence study was performed to
ensure that the FE-calculated variables are independent of the size of the elements. This resulted in
small-size elements in the region next to the interface and gradually larger elements away from the
interface. In addition, the FE model was partitioned into different volumes, each discretized with
a slightly different mesh density to avoid the effects of symmetrical mesh distribution on the computed
results [61].

The hyper-elastic behavior of the epoxy and the properties of the graphene used in the FE
simulation were reported elsewhere [8]. The properties of the CZM were obtained through the MD
simulation (see Section 3.2), performed prior to the FE analysis. A symmetric boundary condition
was assigned to the outer surface of the graphene later, as illustrated in Figure 4b. A reference point
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was identified at the centroid of the polymer block to “tie” all the elements of the polymer. A global
displacement in the z-direction is prescribed for the reference point so as to reproduce identical
loading conditions that were used in the MD simulation. The traction-displacement curve of the
graphene/epoxy interface could then be extracted.Polymers 2019, 11, x FOR PEER REVIEW 8 of 16 
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3. Results and Discussion

The computational results of the graphene-polymer nanocomposite model, performed in MD and
FE simulation environments, are presented and discussed in the following subsections. The mechanics
of deformation of the graphene/polymer interface under the tensile loading is described. The validation
aspect of the FE simulation approach in capturing the physics of the interface failure process
is deliberated.

3.1. Thickness of the Graphene and Graphene/Polymer Interface

The density profile of the epoxy polymer across the cured polymer/graphene/polymer phases of the
RVE model is shown in Figure 5. The average density of the epoxy is estimated at 1.17 × 1012 ng/nm3, as
illustrated by the dashed line and without considering the density readings below 0.65 × 1012 ng/nm3.
It is noted that a 0.3% variation of the average density of the epoxy is calculated over the sampling
distance of 7 nm, particularly contributed by the higher density gradient next to the graphene/polymer
interface. The polymer density diminishes to zero across a small gap to the location of the graphene.
This density gradient indicates the non-uniform distribution of the polymer atoms in the nearby
graphene/polymer interface.Polymers 2019, 11, x FOR PEER REVIEW 9 of 16 
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The profile was used to establish the boundary of the graphene and polymer constituents. The RVE
was segmented into equal spacing of 0.05 nm along the z-direction (across the graphene/polymer
interface). A zero-density gap with a thickness of 0.40 nm was determined at the central location of the
nanocomposite RVE. The graphene thickness was assumed to be similar to the distance between the
graphene sheets in the graphite structure (0.34 nm) and located in the middle of the nanocomposite
RVE. Thus, the graphene/epoxy interface thickness on each side of the graphene is determined as
having the thickness of 0.03 nm. The epoxy matrix on each side of the graphene was considered as
3.3 nm-thick with the cross-sectional area of 4.52 × 4.54 nm2 (see Table 1) for the RVE. The calculated
thickness of the graphene/epoxy interface will be used in the FE model of the RVE with finite-thickness
cohesive elements.

3.2. Nanomechanical Behaviors of Graphene/Polymer Interface

The nanomechanical behavior of the graphene/epoxy interface, predicted using the MD simulation,
is shown by the stress-displacement curve in Figure 6a. The results showed that, throughout the applied
tensile loading (displacement-controlled), a non-linear increase in the interface stress to the peak level
of 9.75 × 10−10 aPa is achieved. The stress decreases exponentially with the continuous displacement.
A similar cohesive stress-displacement response with a nonlinear spring model was predicted for
the interface of a pristine graphene/one-layer polymer using the MD approach [10,16]. At the atomic
level, the interaction between the neighboring atoms could be described in terms of the interaction
energy, as shown in Figure 6b, for two atoms with ε = 3.4 Å and σ = 10 meV. The interaction energy
level is at a minimum (also known as the potential well) when the atoms are at their equilibrium
distance apart, such that the cohesive (attractive) and repulsive forces between the atoms are balanced.
Under the applied separation forces, the interaction energy decreases in an exponential manner, but the
energy is restored upon unloading. If the loading continued, the separation energy would diminish to
zero, denoting the atomic separation. The inflection point denotes the minimum interaction force as
represented by the slope of the energy-distance curve (Figure 6b). Beyond this distance, the required
interaction force of atomic separation that diminish exponentially could be interpreted as representing
the degradation of the bond strength.

Analogously, while the initial deformation of the graphene/epoxy interface is elastic, beyond
the displacement corresponding to the peak stress the decreasing stress-displacement curve also
exhibits an exponential decay form, and constitutes of both recoverable and irrecoverable components
(Figure 6a). Only when the tensile separation is large enough, the stress completely diminishes
to cause the separation of the interface material point. The exponential decrease portion of the
stress-displacement curve, as predicted by the MD simulation, is postulated to adequately represent
the softening behavior of the cohesive graphene/epoxy interface at the continuum scale. Consequently,
the softening characteristic of the CZM (see Figure 3) for the interface could be established based on the
exponential decay curve, as illustrated in Figure 6c. The corresponding rate of the decay, as described
in Equation (8), is characterized by the exponent, α = 7.74.
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Graphene/epoxy interface properties: The elastic properties of the interface were also determined
from the MD-calculated stress-displacement curve of Figure 6a. The interface tensile strength, To

3,
is defined by the peak stress level while the corresponding displacement represents the value at the
onset of interface damage, δo

33. The initial tangential slope of the stress-displacement curve defines
the penalty stiffness, k3, of the interface. The area bounded by the curve represents the critical strain
energy release rate, GIC, for the tensile loading mode, which could be calculated by Equation (7).
These properties along with the parameters of the exponential softening law are used to define the
graphene/epoxy cohesive interface behavior for the FE simulation. The property values are listed in
Table 3.
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Table 3. The elastic and damage properties of graphene/polymer cohesive interface.

Parameter Symbol (Unit) Value

Tensile stiffness k3, (aPa·nm−1) 5 × 10−8

Tensile strength T0
3 , (aPa) 9.75 × 10−10

Displacement at damage initiation δo
33, (nm) 0.0653

Displacement at separation δ
f
33, (nm) 0.8

Exponent for the regressive softening law, (Equation (8)) α 7.74
Critical Mode I strain energy release rate GIC, (N·nm−1) 2.1 × 10−10

3.3. Response of the Graphene/Epoxy Interface Model

The FE-calculated stress-displacement response of the graphene/epoxy cohesive interface using
the properties listed in Table 3 is shown in Figure 7. The close correlation of the CZM response with the
input response from the MD simulation, with less than 3% difference, served to verify that appropriate
procedures were employed in developing the FE model. The deviation is likely due to the different
types of boundary condition specified for the MD and FE model resulting in slightly different stress
levels for the onset of damage in each case. The intrinsic exponential-decay cohesive response of
the graphene/epoxy interface, as established by the MD simulation, is faithfully reproduced by the
FE model.
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Figure 7. Comparison of the FE and MD stress-displacement response of the graphene/polymer interface.

In the absence of the MD-predicted exponential regressive behavior, a bilinear softening law is often
employed as an estimate of the cohesive interface behavior. The response of the FE model with a bilinear
softening law specified for the cohesive interface was examined. The CZM properties of tensile strength,
penalty stiffness, and the critical Mode I strain energy release rate is maintained in the simulation to
acknowledge the same physical interface. The resulting stress-displacement curves are compared in
Figure 8. Results show that while insignificant differences of the elastic load-displacement response were
displayed, the stress evolution during the damage process significantly differs. The bilinear softening
law predicted a higher interface stress than the exponential regressive law by 25%, corresponding to
the tensile displacement of 0.2 nm. In addition, the bilinear softening law would also predict an earlier
separation of the cohesive interface. The interface separation is calculated at the displacement of
0.36 nm using the linear softening law, which corresponds to a 55% difference when compared to
the prediction by the regressive softening rule of the interface at the displacement of 0.80 nm. Thus,
the use of an inaccurate softening law and properties of the cohesive interface could lead to erroneous
predicted properties, and the corresponding deformation mechanics and the failure process of the
graphene-epoxy polymer nanocomposite.
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softening laws.

The energy released by the graphene/epoxy interface during the interface failure process under
the applied tensile loading is termed the damage dissipation energy (DDE). The evolution of the total
DDE, for all the cohesive interface elements of the model with the two different softening laws of
the cohesive interface, is compared in Figure 9. The DDE started to accumulate when the damage
initiated at the attainment of the maximum load, corresponding to the damage initiation displacement,
δo. The calculated evolution of the DDE follows the prescribed form of the regressive softening
process, as illustrated in the figure. The initial rate of the energy dissipation is faster for the cohesive
interface with exponential regressive than that of the linear softening law, as reflected by the initial
slope of the curve. The evolving DDE saturates to a constant level when reaching the separation of the
graphene/epoxy cohesive interface.
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4. Conclusions

The deformation and failure process of the graphene-polymer nanocomposites could be quantified
through the FE simulation with the cohesive interface elements. The missing intrinsic properties
and behavior of the cohesive interface could be determined from the MD simulation of the curing
and subsequent loading of the nanocomposite RVE. This paper has demonstrated the procedures in
establishing the intrinsic regressive softening law for the cohesive interface of the graphene/epoxy
nanocomposites. Results show that the graphene/epoxy interface has a thickness of 0.03 nm, based on the
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density variation of the polymer across the graphene/epoxy interphase. Upon tensile loading of the RVE,
an exponential-decay form of the cohesive interatomic forces was established. Analogously, the cohesive
interface was described by the exponential regression law with the exponent, α = 7.74. The assumed
bilinear softening law of the cohesive interface, commonly employed in the microscale FE simulation
of the nanocomposite behavior, could lead to erroneous results when compared to the MD-calculated
exponential regression law. This was demonstrated by the different traction-displacement curves and
the evolution of DDE to tensile separation of the graphene/epoxy interface of the nanocomposite RVE.
A 55% difference in the predicted displacement at the separation of the interface was calculated when
the bilinear softening law was assumed, compared to that using the exponential regressive damage
law of the cohesive interface.
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Abstract: Graphene-reinforced tung oil (TO)-based unsaturated polyester nanocomposites were
prepared via in situ melt polycondensation intergrated with Diels–Alder addition. Functionalized
graphene sheets derived from graphene oxide (GO) were then extracted from the obtained
nanocomposites and carefully characterized. Furthermore, dispersion state of the graphene
nanosheets in the cured polymer composites and ultimate properties of the resultant biobased
nanocomposites were investigated. Mechanical and thermal properties of the TO-based unsaturated
polyester resin (UPR) were greatly improved by the incorporation of GO. For example, at the optimal
GO content (only 0.10 wt %), the obtained biobased nanocomposite showed tensile strength and
modulus of 43.2 MPa and 2.62 GPa, and Tg of 105.2 ◦C, which were 159%, 191%, and 49.4% higher
than those of the unreinforced UPR/TO resin, respectively. Compared to neat UPR, the biobased
UPR nanocomposite with 0.1 wt % of GO even demonstrated superior comprehensive properties
(comparable stiffness and Tg, while better toughness and thermal stability). Therefore, the developed
biobased UPR nanocomposites are very promising to be applied in structural plastics.

Keywords: graphene; unsaturated polyester resins; tung oil; biobased polymer nanocomposites;
in situ melt polycondensation

1. Introduction

Unsaturated polyester resins (UPRs) are widely utilized in industrial and domestic areas due to
their low cost, ease of handling, and good balance of mechanical, thermal, electrical, and chemical
resistant properties [1,2]. However, with the current concerns on exploring alternatives to petroleum
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and reducing environmental pollution, research is being increasingly directed to develop polymeric
materials from renewable resources such as proteins, oils, and carbohydrates [3–5]. Among all the
biomass-derived feedstocks, plant oils are the primary choice to prepare UPRs because of their
abundance, low toxicity, biodegradability, and triglyceride structures suitable for further chemical
modification [6,7]. As a result, plant oil-based UPRs have attracted considerable attention since 2000.

Blending plant oils or their derivatives with petroleum-based UPRs is an efficient strategy to
to prepare oil-based UPRs [8–14]. The addition of flexible oil-based modifiers usually leads to an
apparent improvement of toughness compared to petroleum-based UPRs, however, a large loss
of stiffness is commonly observed in the resulting biobased UPRs when the content of oil-based
modifiers are not so high (10–20 wt %), thus leading to the unbalance of stiffness and toughness
for the biobased UPRs. A good solution to address the obstacle is to reinforce the bioresins with
nanofillers [11–13,15,16]. Biobased UPRs enhanced with a small amount of nanoclays were shown
to exhibit good enhancements in mechanical, thermal, and barrier properties, whereas stiffness and
other properties were only partially recovered [12,13]. Hence, exploring other nanofillers which are
more efficient in the improvement of stiffness is an important task for the real application of such
biobased UPRs.

Graphene, a single-atom-thick 2D sheet of sp2-hybridized carbon atoms, has been extensively
utilized in polymer nanocomposites owing to its superior properties like high mechanical stiffness
(~ 1.0 TPa) and large surface area (~ 2630 m2·g−1) [17–19]. Graphene has shown dramictical
enhancement in electrical, mechanical, thermal, and barrier properties of polymer composites at
low concentrations [18–21]. Usually, there are three methods for fabriction of graphene/polymer
composites: solution mixing, melt compounding, and in situ polymerization [19,22]. Compared
to the former two methods, the in situ polymerization not only can make graphene sheets
well-dispersed in polymer matrix, but also enable chemical bonds formed between graphene and
polymer readily. Therefore, a variety of graphene-based polymeric composites, such as graphene/
polystyrene nanocomposites [23,24], graphene/epoxy nanocomposites [25–27] and graphene/UPR
nanocomposites [28–30] have been prepared through this method.

In our previous work, we prepared tung oil (TO)-modified UPRs via intermolecular Diels–Alder
(D–A) addition between unsaturated polyesters and TO triglycerides [31]. The obtained biobased
UPRs also demonsatrated a large drop in stiffness when the TO content was larger than 7.4 wt %
of UPR (with styrene). Thus, in this study, graphene was empolyed to reinforce a TO-based UPR.
To the best of our konwledge, graphene has never been used to reinforce biobased UPRs. Using
graphene oxide (GO) as starting material, we prepared the graphene-reinforced TO-based UPRs by in
situ polymerization combined with Diels–Alder (D–A) addition. Our goal is to recovery the loss of
stiffness for tung oil-based UPRs, and to see whether balanced stiffness–toughness can be achieved.

2. Experimentals

2.1. Materials

Tung oil was purchased from Jiangsu Donghu oil Co., Ltd. (Yancheng, China), which has a specific
gravity of 0.935−0.940 at 25 ◦C. Graphene Oxide was obtained from Nanjing XFNANO Materials Tech
Co., Ltd. (Nanjing, China), which has a lateral size of 0.5−5 µm and thickness of 0.8−1.2 nm. Maleic
anhydride (MA), phthalic anhydride (PA), styrene (≥99%), and hydroquinone were obtained from
Sinopharm Chemical Reagent Co., Ltd. (Shanghai, China) Ethanol (≥99%), propylene glycol (PG)
(99%), and toluene (≥99.5%) were obtained from Nanjing Chemical Reagent Co., Ltd. (China) (≥99%)
Dibutyl phthalate (≥99.5%) and N,N-dimethylaniline (≥99%) were obtained from Shanghai Lingfeng
Chemical Reagent Co., Ltd. (Shanghai, China) Benzoyl peroxide (≥99%) was obtained from Shanghai
Macklin Biochemical Co., Ltd. (Shanghai, China) The PG and styrene were dried by molecular sieves
for at least one week before use.
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2.2. Synthesis of Neat UPR

50.22 g of PG, 39.22 g of MA, 29.62 g of PA, and 0.119 g of hydroquinone were added into a 250 ml
four-necked flask equipped with a mechanical stirrer, a thermometer, a N2 gas inlet, and a fractionating
device. The mixture was then heated to 60 ◦C, agitated at 60 ◦C for 0.5 h, heated to 160 ◦C under N2

protection, and maintained at 160 ◦C for 1.5 h. Subsequently, the mixture was heated to 200 ◦C and
reacted at 200 ◦C until the acid value of the system decreased to a set value (around 33 mgKOH/g).
After that the reaction temperature was reduced to 120 ◦C and 0.1 g of hydroquinone was added and
mixed for 0.5 h. Finally, the temperature was lowered to 90 ◦C and 58.30 g of styrene (about 35% of
the total resin weight) was added and blended with the resultant mixture for 1 h. A colorless and
transparent liquid resin was produced.

2.3. Synthesis of UPR/TO

The UPR/TO resin was synthesized via melt polycondensation incorporated with D–A addition.
The procedure can be divided into two stages. The first stage involved the synthesis of unsaturated
polyester, as described in the above section. The acid value also reached the set value. At the second
stage, the reaction temperature was lowered to 120 ◦C, 0.1 g of hydroquinone was added, and 16.65 g
of TO was added dropwise into the flask within 0.5 h. At last, 58.30 g of styrene was added into the
mixture and mixed at 90 ◦C for 1 h. A light yellow and translucent liquid resin was obtained.

2.4. Preparation of UPR/TO/GO Composites

The synthesis of UPR/TO/GO nanocomposites was carried out in three basic stages, as shown
in Figure 1. In the first stage, 50.22 g of PG and an appropriate amount of GO powder were put into
a 250 mL four-neck flask and ultrasonicated for 2 h to achieve a homogeneous GO/PG dispersion.
In the second stage, a reaction mixture of MA (39.22 g), PA (29.62 g), and hydroquinone (0.119 g)
was added into the 250 mL flask and the reaction was conducted identically to the procedures
indicated in the first stage of synthesizing UPR/TO. The third stage was exactly the same as the
second stage of UPR/TO. At the end, a black and opaque liquid resin was attained. In our experiments,
the content of TO in the obtained UPR/TO and UPR/TO/GO composites was always 10 wt % of
the UPR resin (including styrene). The content of GO in the UPR/TO/GO composites was 0.05, 0.10,
0.15, 0.20 and 0.30 wt % of the UPR resin (including styrene), thus for simplicity the corresponding
nanocomposites were denoted as UPR/TO/G0.05, UPR/TO/G0.10, UPR/TO/G0.15, UPR/TO/G0.20,
and UPR/TO/G0.30, respectively.

During the manufacturing process, GO could be simultaneously grafted by unsaturated polyesters
and thermally reduced due to the high temperature involved in the melt polycondeansation, and the
grafted unsaturated polyesters could further graft with TO via D–A addition, thus new functionalized
graphene sheets (FGS) would be produced (Figure 1b). Successive centrifugation/redissolution
cycles were performed to separate FGS from the obtained polymer composites. Typically, 30 g of the
UPR/TO/G0.15 polymer composite (without styrene) was dissolved in 150 mL of toluene/ethanol
mixed solvent (50/50, v/v), stirred for 2 h to remove the absorbed polymers from the graphene surface,
and then centrifuged at 11,000 rpm for 30 min to precipitate the graphene completely. The attained
centrifugate was dissolved by toluene/ethanol solvent and separated by centrifugation repeatedly
for 5 times. At last, the obtained centrifugate was washed with ethanol twice, then dried at 50 ◦C
for 4 h and under vacuum for another 48 h. The resulting black solid material was labeled as FGS.
In an effort to further determine the contents of graphene, UPR, and TO in the FGS, a referenced
polymeric nanocomposite were prepared according to the fabricating procedure of UPR/TO/G0.15
but without adding TO. The obtained composite was named as UPR/G0.15. By the same repeating
centrifugal-washing procedure, a similar black solid material was obtained, which was labeled as
FGS-i since it was an intermediate compared to the FGS.
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changes of graphene oxide (GO) during the in situ preparation of biobased nanocomposites.

2.5. Curing of UPR, UPR/TO, and UPR/TO/GO Composites

The as-fabricated UPR, UPR/TO, and UPR/TO/GO composites were all cured in a same
procedure. Typically, the resin samples were blended with the initiator (2 wt % of the total resin) for
30 min and with the promoter (0.2 wt % of the total resin) for 3 min, degassed, poured rapidly into
homemade polytetrafluoroethylene molds, cured at room temperature for 3 h, and postcured at 80 ◦C
for 12 h.

2.6. Characterization

Acid values were determined based on the procedures presented in GB/T 2895–1982. Atomic
force microscopy (AFM) images were obtained using a SPM-9600 atomic force microscope (Shimadzu,
Kyoto, Japan) in taping mode. FT-IR spectra were obtained using a Nicolet iS10 IR spectrometer
(Thermo Fisher, Waltham, MA, USA). Thermogravimetric analysis (TGA) was conducted on a STA
409PC thermogravimetry instrument (Netzsch, Selb, Germany). X-ray photoelectron spectroscopy
(XPS) was performed on a AXIS UltraDLD photoelectron spectrometer (Shimadzu, Kyoto, Japan).
Raman spectra were collected on a DXR532 Raman spectrometer with a wavelength of 532 nm (Thermo
Fisher, Waltham, MA, USA). Scanning electron microscopy (SEM) examinations were studied on an
S-3400N scanning electron microscope (Hitachi, Tokyo, Japan). Transmission electron microscopy
(TEM) examinations were carried out by a Tecnai G220 transmission electron microscope (FEI, Hillsboro,
OR, USA). Tensile and flexural tests were conducted on a SANS7 CMT-4304 universal tester (Xinsansi,
Shenzhen, China). Impact tests were conducted on a CEAST 9050 impact tester (Instron, Norwood, MA,
USA). All the mechanical tests followed the procedures presented in the GB/T 2567-2008. Dynamic
mechanical analysis (DMA) was performed on a Q800 solids analyzer (TA, New Castle, DE, USA) in
three-point bending mode.
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3. Results and Discussion

3.1. Structural Characterization of FGS

For polymer nanocomposites, it is well known that if the nanofiller and polymer matrix form
chemical bonds, the interfacial interactions between the polymer and nanofiller will be improved
greatly. To confirm whether chemical bonds are generated between the nanofiller and polymer,
the chemical state of graphene nanosheets should be determined first. Thus FGS was extracted from the
biobased UPR/TO/G0.15 composite by the repeating centrifugal-washing method and characterized
by sedimentation experiments, AFM, FT-IR, TGA, XPS, and Raman spectroscopy, as discussed below.
For comparison, GO and thermally reduced GO (RGO) (prepared by treating neat GO powder at
200 ◦C for 10 h, similar condition to the in situ polycondensation) were also characterized.

Firstly, sedimental experiments were taken to assess their solubility in organic solvent. GO, RGO,
and FGS were dispersed in ethanol by stirring for 5 min and probe-sonicating for 5 min, and then
precipitated for 30 min.

The resulting photographs are displayed in Figure 2a. Both FGS and RGO were black from
appearance, while GO was golden yellow, indicating GO was reduced during the polycondensation.
In addition, GO and RGO precipitated apparently, whereas FGS had no obvious preciptation.
This difference indicated that FGS possessed better solubility than both GO and RGO, which may be
attributed to that FGS were grafted by organic polymers. AFM was employed to further characterize the
graphene samples. The typical tapping-mode AFM images of GO and FGS are presented in Figure 2b,c,
respectively. The thickness of GO nanosheet was about 0.89 nm, which was in good accordance with
the results from literature [28,32,33]. In contrast, the FGS possessed dinstinct thicknesses: at the thinest
point it was only 6.18 nm, while at some other places it could reach dozens of nanometers (eg. 24.2 nm).
The results suggested that graphene sheets were not only grafted by linear polymers like unsautrated
polyesters, but could also be partially grafted by crosslinked polymers, since the grafted unsaturated
polyesters could form crosslinking polymers with TO triglycerides [31]. The crosslinked polymers
could be directly observed in the lower half of FGS’s image (Figure 2c), where the nanosheet were rolled
up in some extent due to the crosslinking effect of TO with the grafted polyesters. Figure 2d provides
the FT-IR spectra of GO, RGO, and FGS. It can be seen that the spectrum of FGS was analegous to RGO
but quite different from that of GO. The original bands in GO, such as carboxyls (3400–2500 cm−1)
and carbonyl (~ 1730 cm−1), decreased obviously in intensity for FGS sample, indicating the reduction
of GO to FGS. At last, samples of GO, RGO, FGS, and FGS-i were analyzed by TGA (Figure 2e).
In the curve of GO there was two main weigh loss stages at around 100 and 250 ◦C, which are
attributed to the removal of absorbed water and the pyrolysis of oxygen-containing functional groups,
respectively [32,33]. The total weight loss below 250 ◦C was approximate 40%. In the curve of RGO,
the degradation rate was slow, suggesting RGO was more stable than GO. In contrast, both the TGA
curves of FGS-i and FGS exhibited only one main stage of weight loss at 270–450 ◦C, which is ascribed
to the degradation of the grafted polyesters or biopolyesters. No apparent weight loss stages were
found below 250 ◦C, suggesting that the original oxygenated groups on the surface were removed
or grafted by polymers. From the main weight loss stage of FGS-i, the weight fraction of grafted
unsaturated polyesters on the graphene surface could be estimated and was about 25%; while from the
same stage of FGS, the total weight fraction of grafted polyesters and TO was about 35%. Thus it can
be deduced that the FGS contained around 65% of graphene, 25% of unsaturated polyesters, and 10%
of TO molecules.
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Figure 2. (a) Sedimentation experiment; (b,c) atomic force microscopy (AFM) images of GO and FGS;
(d) FT-IR spectra of GO, thermally reduced GO (RGO), and FGS; (e) TGA curves of GO, RGO, FGS-i,
and FGS.

XPS was conducted to further analyze the graphene-based compounds, as shown in Figure 3a–d.
In the spectra of GO, only three peaks were depicted: sp2 C=C (~285.0 eV), C–O (~287.0 eV), and O–C=O
(~288.7 eV). The RGO spectra also comprised the three peaks, but the intensities of oxygen-containing
peaks at 286.1 and 288.9 eV (relative to the C=C peak) decreased obviously. In both the spectra
of FGS-i and FGS, the three peaks had a similar trend as those in RGO, indicating the reduction
of GO. Differently, new peaks occurred at 285.4 or 285.6 eV, which means the ocurrence of sp3 C–C
bonds [34–37]. The bonds probably came from the grafted polyesters and TO molecules which involved
many sp3 C–C bonds. Compared to FGS-i, the intensity of new C–C peak in FGS spectra increased
(relative to that of C=C peak) due to the incorporation of TO. The C/O atomic ratios for all the
graphene nanomaterials, neat UPR, and TO were caculated and the related data are listed in Table 1.
With the C/O ratios of UPR, RGO, and FGS-i, the weight content of grafted unsaturated polyesters
onto graphene can be estimated and was about 28%; with the ratios of TO, FGS-i, and FGS, the grafted
TO can also be determined and was around 5%. These values are close to the calculated values from
the TGA results.Polymers 2018, 10, x FOR PEER REVIEW  7 of 14 
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Table 1. XPS data for all the graphene nanomaterials, neat UPR, and TO.

Sample
Relative Atomic Percentage (%)

C/O Atomic Ratios
C O

GO 69.0 31.0 2.23
RGO 81.9 18.1 4.53
FGS-i 78.5 21.5 3.72
FGS 80.1 19.9 4.02
UPR 62.5 37.5 1.67
TO 90.5 9.5 9.5

Raman spectroscopy has been reported as a powerful probe for the structures of carbonaceous
materials. Figure 4 gives the Raman spectra of GO, RGO, and FGS. The GO spectrum displayed a D
band at 1344.1 cm−1 and G band at 1586.1 cm−1 which are ascribed to the breathing mode of κ-point
phonons of A1g symmetry and the first-order scattering of the the E2g phonons, respectively [33,34].
In the spectrum of RGO, the G band blue-shifted to 1590.9 cm−1, which was close to the value of raw
graphite. In the spectrum of FGS, the D and G bands shifted to 1338.3 and 1575.5 cm−1. The red-shift of
G band can be attributed to that the defects of FGS were more apparent than those of GO. The intensity
ratio of D and G bands (I(D/G)), corresponding to the disordered and ordered crystal structures of
carbon, is inverse to the average size of sp2 domains [33,34,36]. The I(D/G) value decreased from
1.28 for GO to 1.12 for RGO, which was in good agreement with the fact that RGO was reduced GO.
In contrast, the value of FGS (1.33) was a little higher than that of GO. The reason for the slight increase
may lie in that the grafted polymers make the defects of graphene more distinct than the orginal ones.Polymers 2018, 10, x FOR PEER REVIEW  8 of 14 
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In conclusion, the original GO nanomaterial was grafted by unsaturated polyesters and
simultanesously reduced during in situ polymerization, and followed by grafting TO triglycerides
onto polyesters via D–A addition. Therefore, it can be inferred that the interfacial interactions between
the polymer matrix and graphene nanosheets were strong.

3.2. Dispersions of Graphene in Polymer Matrix

Apart from the interaction between the nanofiller and polymer, disperison state of the nanofiller in
the polymer matrix is another key factor that influences the ultimate properties of fabricated composites.
SEM and TEM techniques can provide the direct observation of dispersion behaviours of nanofillers.
Figure 5a,b shows the SEM images of tensile fracture surfaces of the biobased nanocomposites with
GO contents of 0.10% and 0.30%, respectively. Before the SEM observation the fracture surface of
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tensile-testing specimen were etched in a 10% NaOH/ethanol solution at 40 ◦C for 2 h. The FGS was
evenly dispersed in the UPR/TO/G0.10 composite, whereas the graphene sheets were much closer to
each other in the UPR/TO/G0.30 composite. Moreover, the protruding graphene sheets in both the
nanocomposites were still coated with adsobed resins after etching, reflecting the strong filler–polymer
interfacial interaction [28,38]. It should be mentioned that phase separation like craters occurred in
both the polymer matrices, which is attibuted to the excess of TO [31,39]. Figure 5c,d presents the TEM
images of the UPR/TO/G0.10 and UPR/TO/G0.30 samples. The graphene nanosheets were exfoliated
much better and dispersed more homogeneously in the UPR/TO/G0.10 composite (as indicated by
the red arrows) than in the UPR/TO/G0.30 composite, which was consistent with the SEM results.
The nanosheets in UPR/TO/G0.30 demonstrated some extent of aggregation. All these morphologies
would affect ulitmate properties of the cured composites.Polymers 2018, 10, x FOR PEER REVIEW  9 of 14 
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3.3. Properties of the UPR/TO/GO Biobased Nanocomposites

In this work, the most noteworthy questions are whether the stiffness of the biobased UPRs can be
completely recovered by the incorporation of graphene and whether the comprehensive properties of
the resulting composites can compare to those of petroleum-based UPR. Thus mechanical and thermal
properties of the obtained biobased UPR nanocomposites were investigated carefully.

Figure 6a illustrates the typical stress–strain curves of neat UPR, UPR/TO, and UPR/TO/G0.10.
The UPR/TO/G0.10 composite showed a comparable stress to that of neat UPR, indicating that
the prepared composite could be as good as the neat UPR in stiffness. Meanwhile the strain of
UPR/TO/G0.10 was larger than that of UPR, suggesting the toughness of UPR/TO/G0.10 was even
better. In addition, compared to the UPR/TO, although the incorporation of GO resulted in the decrease
of strain, the stress of UPR/TO was improved remarkably. The improvement can be attributed to
the good exfoliation of FGS and the strong interaction between FGS and polymer matrix, which can
efficiently transfer the load from the matrix to the graphene nanofiller [19,22,28,32,33,40].

Figure 6b presents tensile and flexural strengths of neat UPR, UPR/TO, and UPR/TO/GO
composites. The tensile and flexural strengths of neat UPR were 43.5 and 69.7 MPa, respectively.
By the addition of 10% TO, the values decreased to 16.7 and 25.3 MPa, respectively, which results
from a second phase generated by unreacted tung oil [31,39], as shown in Figure 5a,b. As the GO
content increased, both the strengths increased firstly and decreased later. The increase is caused by
the enhancement effect of the FGS filler, while the decrease probably results from the poor dispersion
of graphene like aggregation. The composites possessed an optimal loading level at 0.10% of GO.
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At this concentration the tensile and flexural strengths reached 43.2 MPa and 66.6 MPa, which was
only 0.59% and 4.45% inferior to those of neat UPR, respectively. Nevertheless, they increased by 159%
and 163% compared to UPR/TO, respectively, which can be ascribed to the sufficient exfoliation of
graphene nanosheets and the strong interaction of FGS–polymer too.

Figure 6c demonstrates tensile and flexural moduli of neat UPR, UPR/TO, and UPR/TO/GO
composites. These properties can represent the stiffness of polymer materials. The tensile and flexural
moduli of the neat UPR were 2.65 and 2.03 GPa, respectively. By the incorporation of 10% TO,
these values decreased to 0.90 and 0.63 GPa, respectively, which is due to the phase separation too.
For the UPR/TO/GO composites, the moduli showed a similar trend as the strengths when the GO
concentration grew. The composite at the GO content of 0.10% showed a tensile modulus of 2.62 GPa,
which was 1.13% lower than that of UPR. Yet the flexural modulus of the composite reached 2.20 GPa,
which was 8.37% higher than that of neat UPR. Therefore, the stiffness of the UPR/TO/G0.10 composite
could be regarded as equivalent to that of neat UPR. Notably, the two values increased by 191% and
250% compared to those of UPR/TO, respectively, which can be also attributed to the complete
exfoliation of FGS and the strong interfacial interaction between graphene and polymer matrix.

Figure 6d provides impact strength and tensile breaking strain of neat UPR, UPR/TO,
and UPR/TO/GO composites. The two values of neat UPR were 2.58 kJ/m2 and 2.03%, respectively.
After the addition of 10% TO, they increased rapidly to 9.09 kJ/m2 and 5.82%, respectively, which is
caused by the effect of phase separation [8,9,31]. As the content of GO increased, both the data decreased
gradually. As is known to us, the addition of nanofillers leads to a decrease of toughness [16,25,41].
The two values for the UPR/TO/G0.10 composite were 4.40 kJ/m2 and 3.24%, which were 70.5% and
50.2% higher than those of pure UPR, respectively. These results suggested that the toughness and
flexibility of UPR/TO/G0.10 were obviously better than those of neat UPR.
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DMA was performed to study the thermo-mechanical properties of neat UPR, UPR/TO,
and UPR/TO/GO composites, as shown in Figure 7. The related results are presented in Table 2.
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The storage modulus at 25 ◦C (E′25), which can also reflect the stiffness, was 1.67 GPa for neat UPR.
By the incorporation of 10% TO, the data decreased to 0.83 GPa due to the phase separation. As the
increase of GO content, the value also experienced a firstly-increasing and subsequently-decreasing
process, and showed a rebound at 0.30% of GO. The optimal value occurred at 0.10% of GO and
was 1.76 GPa, which was 5.39% and 112% higher than those of UPR and UPR/TO, respectively.
Glass transition temperature (Tg) can be determined from the peaks of loss factors (tan δ). The variation
of Tg demonstrated an analogous trend as E′25. The Tg of UPR/TO/G0.10 was 105.2 ◦C, which
was only 4.88% lower than neat UPR’s (110.6◦C) but 49.4% higher than that of UPR/TO (70.4 ◦C).
The improvements of E′25 and Tg for UPR/TO/G0.10 are ascribed to the good exfoliation of FGS and
the strong FGS–polymer interaction too.
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Table 2. Results of DMA and TGA for neat UPR, UPR/TO, and UPR/TO/GO composites.

Sample E′25
a

(GPa)
Tg

b

(◦C)
T5

c

(◦C)
Tp

d

(◦C)
wchar

e

(%)

UPR 1.67 110.6 212.2 388.1 5.70
UPR/TO 0.83 70.4 229.6 385.5 8.61

UPR/TO/G0.05 1.21 84.3 241.7 391.3 8.08
UPR/TO/G0.10 1.76 105.2 270.6 392.9 8.37
UPR/TO/G0.15 1.04 98.4 259.4 392.9 8.76
UPR/TO/G0.20 1.36 96.4 246.1 392.9 9.16
UPR/TO/G0.30 1.67 97.1 229.1 397.8 8.55

a Storage modulus at 25 ◦C. b Glass transition temperature. c 5% Weight–loss temperature. d Peak temperature at
the curves of weight-loss rate. e Char yield.
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TGA was carried out to investigate thermal stability of neat UPR, UPR/TO, and UPR/TO/GO
composites, as indicated in Figure 8. The thermal-property data, including 5% weight-loss temperature
(T5), peak temperature at the curve of weight–loss rate (Tp), and char yield (wchar) are summarized in
Table 2. All the properties possessed similar trends of variation as E′25 or Tg when the GO content
increased. For the neat UPR they were 212.2 ◦C, 388.1 ◦C, and 5.70%, respectively. And for the
UPR/TO/G0.10 composite they were 270.6 ◦C, 392.9◦C, and 8.37%, which were 27.5%, 1.24%, and 46.8%
larger than those of neat UPR, respectively. Therefore, the thermal stability of UPR/TO/G0.10
composite was apparently superior to that of neat UPR.
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4. Conclusions

We sucessfully prepared the novel graphene-reinforced biobased UPR nanocomposites via in
situ melt polycondensation intergrated with D–A addition. The fabricating method can strengthen
the interfical interactions between the graphene, polymer, and biomodifier and does not involve any
solvent, which is efficient and ecofriendly. Notably, the stiffness of TO-based UPR was greatly enhanced
by only incoporating 0.10% of GO, and the comprehensive properties of the resulting biobased UPR
nanocomposite were even superior to the petroleum-based UPR. The excellent performance can be
attributed to the well exfoliation of FGS and the strong interactions between FGS and polymeric matrix.
Consequently, the developed UPR/TO/GO composites show great potential in the UPR industry and
the fabricating method can be employed for other biobased polyester nanocomposites.
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Abstract: Functional fabrics have gained attention as an environmentally-friendly synthesis route. In
the current study, novelty bamboo pulp fabrics with thermal conductivity properties were prepared
by coating the fabric with graphene and cellulose nanocrystal (G/CNC) solutions. The influences
of G and CNC concentrations on properties of fabrics were studied. The viscosities of the G/CNC
solutions increased with an increase of G contents. G had an obvious thickening effect. Furthermore,
compounded fabrics with different G and CNC contents (GCBPFs) were prepared and extensively
characterized in terms of thermal and mechanical properties, and morphology. The ultimate thermal
conductivity, bursting strength, and tensile strength of the GCBPF were 0.136 W/m·K, 1.514 MPa, and
25.8 MPa, with 4 wt.% CNC and 3 wt.% G contents, respectively. The results demonstrated that the
as-fabricated GCBPFs with favorable thermal conductivity could be applied as a novel fast cooling
textile for the clothing industry.

Keywords: fabric; graphene; cellulose nanocrystal; thermal conductivity

1. Introduction

Energy consumption was one of the major issues for humans in the 21st century [1,2]. To regulate
indoor temperature, energy consumption for space heating and cooling in residential and commercial
buildings were dominant, which contributed to 12.3% of total U.S. energy consumption [3]. The
concept of “personal thermal management” has emerged as a promising alternative for reducing the
demand for indoor temperature regulation. A personal cooling technique could provide thermal
comfort by locally cooling the temperature of an individual in a low-cost and energy-saving way [4].

First efforts for personal thermal management techniques to regulate the thermal conductivity
of fabrics focused on thickness [5], aerial density [6], porosity [7], and weave structure of the fabric
matrix [8]. The combination of personal thermal management with wearable devices was subsequently
regarded as one of the most promising strategies, with technologies including cold pack textiles with
phase change materials [9], air-adjusted textiles [10], and liquid-adjusted textiles [11]. All the above
technologies have their limitations, such as unremarkable performance improvement, inconvenience
from the bulky size of the devices, massive consumption of energy, complex craft-work, and high-cost.
To address these issues, directly incorporating thermal management materials into textiles for effective
personal thermal management has received tremendous attention recently. Hsu et al. [3] reported a
good IR-transparent textile made from nanoporous polyethylene, with interconnected pores from 50 to
1000 nm in diameter, for efficient human body cooling. The same group further developed a wearable
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face mask based on their nanoporous system. Yang et al. [12] demonstrated a scalable randomized
glass-polymer hybrid metamaterial for daytime individual thermal regulation.

Bamboo has emerged as the ultimate green, cost-efficient textile material that meets the definition
of a renewable and sustainable raw material, with little harmful impact to the environment due to its
fast growing speed (3–4 years renewal rate) and abundant quantity in China [13–15]. Compared to
traditional fibers, the closed-loop system production process from bamboo pulp can be eco-friendly
without any harmful substances going into the eco-system [16,17]. Therefore, bamboo fiber as an
alternative to traditional fibers has been employed in the production of apparel, sanitary and hygiene
products, geo-textiles, composites, and filtration fabrics [18,19].

For fibrous textile materials, conduction, convection, and radiation are the three main routes
to processing heat transfer, among which the most significant way is conduction [20]. Therefore,
heat conductive textiles for individual thermal regulation can be attractive [21–23]. The conductive
textiles for personal cooling lead to a satisfactory body feeling due to a decrease in body-generated
heat escaping easily into the external environment. Based on the conductive textiles, the concept of
direct coating conductive materials onto the conventional textile has been seen as one of the more
effective and simple options for cooling textiles, which can remain flexible and wearable [24]. Further,
dip-coating methods for cost-effective thermal conductive textiles are attractive because of their similar
dying processes to large scale applications in the textile industry [25]. Concerning these issues, various
conductive materials, such as iron [26], steel, copper [27] and carbon materials [28] have been utilized to
coat textile fibers for making personal cooling conductive textiles [29]. Among these coating materials,
graphene (G) has emerged as a revolutionary functional material due to its amazing high thermal
conductivity properties (above 3000 W·m·K−1) [30]. Coated graphene materials include mainly G,
oxidation graphene (GO) and oxidation-reduction graphene (RGO). When graphene is employed in
aqueous solutions for coating fabrics, it tends to precipitate due to its no charged surface compared to
GO and RGO. For aiding the deposition, dispersants should be used to help G dispersing in stable
solutions. Chitosan [31], polyether-imide (PEI) [32], sodium dodecyl sulfate (SDS) [33], sodium cholate
surfactant [34], and cellulose fibers [35] have been employed as a dispersant in an attempt to bound G
with treated fabrics or textile fibers.

In this study, G material was dispersed in a cellulose nanocrystalline (CNC) aqueous solution
to make a G/CNC solution. The solution was coated onto bamboo pulp fabrics to the compound
thermal conductive textile by a dip-coating method. The thermal and mechanical properties of the
G/CNC-coated bamboo pulp fabrics (GCBPFs) were evaluated by the thermal conductivity, tensile
strength, bursting strength, viscosity, and crystallinity.

2. Experimental Section

2.1. Materials

Plain weave fabric made from 100% bamboo viscose (14.8 gsm, 0.5 mm of thickness) was purchased
from Jilin Chemical Fiber Co. Ltd. (Jilin, China). The bamboo fabric was bleached using a standard
process to remove inherent impurities and additives. All treated fabrics were subjected to the same
scoring and beaching process before coating.

The multilayer graphene-based carbon nano-materials were provided by the Department of
Sustainable Bio-products, Mississippi State University (Starkville, Mississippi, US). The graphene
nanoplates consisted of several sheets (with a range of 2–30 layers) of graphene with an overall
thickness of approximately 1–10 nm [36]. The morphology of graphene material is shown in Figure 1.
Microcrystalline cellulose (column chromatography 97%) was obtained from Shanghai Jinsui Biological
Inc. (Shanghai, China), and sulfuric acid (analytical reagent 98%) from Nanjing Chemical Reagents Co.
(Nanjing, China). The deionized water was used exclusively.
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pulp fabrics (GCBPFs) were dried at 45 °C for 2 h before being tested. For comparison, CNC 
suspensions coated fabric samples (CBPFs) were also prepared. 

Figure 1. TEM images of graphene materials.

2.2. Preparation of Coating Solution

The cellulose nano-crystalline (CNC) suspension was prepared through the sulfuric acid hydrolysis
of microcrystalline celluloses [37]. The obtained CNC suspension had the typical acicular structure,
with dimensions ranging from 100 to 200 nm in length and 5 to 10 nm in diameter, as shown in Figure 2.
There were three concentration levels of CNC suspensions (1, 2, and 4 wt.%) used to disperse G for
evaluating the effect of CNC concentrations on the degree of G dispersion. The G and CNC mixing
procedure started by adding G materials with 1, 2, and 3 wt.% into CNC suspensions, followed by
ultrasonic treatment for 2 min, respectively. Then the G/CNC solutions were obtained with different G
and CNC ratios. The additions of G were the ratios to the weight of CNC suspension.
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Figure 2. SEM images of cellulose nanocrystalline (CNC).

2.3. Coating Procedure

The prepared G/CNC solutions were applied to impregnate the bamboo pulp fabrics simply by a
dip-coating method. The fabrics were first dipped into the G/CNC solutions and then padded through
a rolling device to remove the excessive solutions. The above procedure was repeated for several times
until the resistance of the fabric became constant. The obtained G/CNC coated bamboo pulp fabrics
(GCBPFs) were dried at 45 ◦C for 2 h before being tested. For comparison, CNC suspensions coated
fabric samples (CBPFs) were also prepared.
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2.4. Characterizations

For measurement of the viscosity of dipping solution before and after the addition of G, an NDJ-79
rotational viscometer was used with a rotational speed of 750 r·min−1. The surface morphologies of G,
CNC, and fabrics were tested by Quanta 200 scanning electron microscope (SEM, FEI company, Hillsboro,
OR, US) and transmission electron microscope (TEM, FEI company, Hillsboro, OR, US), respectively.

The X-ray diffraction (XRD) was performed using Cu kα radiation source (step size 0.02◦, scanning
speed 6◦/min, voltage 40 kV, current 100 mA) in an Ultima IV XRD instrument (Rigaku company, Tokyo,
Japan). The tensile strength of fabrics was determined according to ASTM D2256 by an HY-932CS
micro-computer control electron universal testing machine, with a tensile rate of 1 mm/min. The
bursting strength of samples was evaluated according to ASTM D3787-07 using a bursting strength
tester (HY-953, Hengyu company, Dongguan, China). Five duplicates were repeated in each mechanical
test group.

A heat conduction coefficient tester (ISOMET 2104, Judeng company, Beijing, China) was employed
to record the heat conductivity of samples. The test standard was according to GB/T 11048-2018. The
thermal conductivity (λ) was calculated by using the following law:

λ = mc
∆T
∆t

∣∣∣∣∣T=T2•
h

T1 − T2
• 1
πR2 (1)

where λ is the thermal coefficient (W/m·k), m is the quality of copper cooling plate (kg), c is the specific
heat capacity of copper cooling plate, 385 J/(kg·K), ∆T

∆t

∣∣∣
T=T2

is the heat dissipation rate of copper cooling
plate at T2 (mV/s), h is the thickness of tested sample (m), T1 −T2 is the temperature difference between
upper and lower sample surfaces (K), and πR2 is the area of copper cooling plate (m2).

3. Results and Discussion

3.1. Viscosity of G/CNC Solution

The viscosity, a key feature for the fabric impregnation solution, depends on the solid content, pH
value, and temperature of finishing liquid [38]. For the textile industry, it is difficult to impregnate
finishing liquid into fiber bundles because of the extremely high viscosity of impregnation solutions or
resins. Figure 3a shows the viscosities of G/CNC solutions with different ratios of G to CNC suspension.
For the pure CNC suspensions, viscosity increased with increasing CNC contents in the suspensions.
Specifically, the viscosity of 4 wt.% CNC suspension was 226.7 mPa s, which was much higher than
that of the 1 wt.% CNC suspension (20.1 mPa s). A three-dimensional network structure was formed
through hydrogen bonding between each of the other groups (hydroxyl, carbonyl or carboxyl) on
CNC or the groups with water. The network structure was constantly improved and strengthened
with an increasing amount of CNC [39]. Moreover, the viscosities of the G/CNC solutions increased
with an increase of G contents. It was found that G had an obvious thickening effect. The viscosity
of the G/CNC solution appeared to have a maximum value of 312.6 mPa s with the concentrations
of 3 wt.% G and 4 wt.% CNC. There were many factors that affected the rheological properties of
polymers, such as polymer chain structure, relative molecular weight, and solution concentration. The
viscosity of the majority of polymers increased with an increase of relative molecular weight or solution
concentration. Figure 3b shows the viscosity increase rate of the G/CNC solution, which was calculated
as the viscosity difference between G/CNC solution and pure CNC suspension divided by the viscosity
of pure CNC suspension. The G/CNC solution with 3 wt.% G and 1 wt.% CNC suspension had the
highest viscosity increase rate of 108.5%, and the lowest value appeared at the solution with 1 wt.% G
and 4 wt.% CNC suspension.
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3.2. XRD Analysis

The XRD test was carried out to investigate the degree of crystallinity (Cr) for the pure CNC
suspension and G/CNC solutions. The Cr of pure CNC suspension was calculated at 83%, and three
concentration levels of CNC suspensions (1, 2, and 4 wt.%) had the same Cr values as shown in
Figure 4. Simultaneously, it was found that the Cr values of the G/CNC solutions were lower than
that of pure CNC, and decreased with an increase of G contents. The lower the CNC suspension
concentrations, the faster the Cr values descend in range of G/CNC solutions with the increase of
G contents. The lowest Cr value of the G/CNC solution was 19% with 3 wt.% G and 1 wt.% CNC.
This phenomenon may be the continuous crystallization of CNC in the G/CNC solution which was
organized by graphene sheets [40], resulting in a significant decrease in the peak value of Cr in the
G/CNC dispersion. In addition, the interaction between graphene and CNC may also lead to the
disappearance of the periodic interval between graphene layers, thus greatly improving the dispersion
of graphene in CNC suspension [41], and decreasing the Cr of G/CNC solution. From the TEM images
(Figure 5a), it can be seen that graphene sheets were homogeneously coated well on the surface of CNC
via a hydrogen bonding interaction and the rod-like morphology, and the size of CNC was retained
well after the reaction [42]. Uniform and stable G/CNC solutions were formed, which was left at room
temperature for 3 months without stratification or precipitation as shown in Figure 5b.
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conductivity meter using a steady plate method as shown in Figure 7. The G/CNC-coated fabrics 
exhibited better conductive behavior than the pure CNC-coated samples. Due to the existence of the 
graphene in the G/CNC solutions, the solution coated bamboo pulp fabric turned into thermal 
conductive functional fabrics (GCBPFs). During the test, the thermal conductivity of all GCBPF 
samples had been improved, indicating that the addition of graphene can further improve the 
thermal conductivity of fabric to a certain extent. The maximum thermal conductivity of the GCBPF 
was 0.136 W/m·K, which was 178–196% higher than the CBPF sample, and as high as some previously 
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Figure 5. TEM image of G/CNC solution with 3 wt.% G and 4 wt.% CNC (a) and photo of graphene/

CNC suspension and water after 3 months at room temperature (b).

Figure 6 shows the XRD pattern of CNC and G/CNC-coated fabrics with the lowest and highest
thermal conductivities. It can be observed in the curve of CBPF that the diffraction peaks appeared
around 2θ = 12.2◦ and 21.7◦, respectively, which is the typical cellulose II crystal structure. The
diffraction peaks decreased to 2θ = 21.2◦ and 21.5◦ in GCBPF-L and GCBPF-H, respectively. The
GCBPFs had very similar characteristic peaks with CBPF. As shown in Figure 6, the addition of
graphene resulted in the decrease of Cr for the G/CNC solutions, therefore the obtained composite
fabrics (GCBPFs) also had the lower diffraction peak values than the CBPF one.
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3.3. Thermal Conductivity

The thermal conductivities of CBPFs ranged from 0.046 to 0.049 W/m·K tested by the thermal
conductivity meter using a steady plate method as shown in Figure 7. The G/CNC-coated fabrics
exhibited better conductive behavior than the pure CNC-coated samples. Due to the existence of
the graphene in the G/CNC solutions, the solution coated bamboo pulp fabric turned into thermal
conductive functional fabrics (GCBPFs). During the test, the thermal conductivity of all GCBPF
samples had been improved, indicating that the addition of graphene can further improve the thermal
conductivity of fabric to a certain extent. The maximum thermal conductivity of the GCBPF was
0.136 W/m·K, which was 178–196% higher than the CBPF sample, and as high as some previously
prepared graphene coated conductive viscose fabrics [18,19]. After dispersing by CNC suspension
uniformly, the lamellar structure of G can be maintained by van der Waals or restoration π-π stacking
between adjacent G layers.
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Figure 7. Thermal conductivities of CBPFs and GCBPFs.

The GCBPF sample with a higher CNC concentration of 4 wt.% had higher thermal conductivity
with different graphene contents from 1 wt.% to 3 wt.%. Lower thermal conductivity for low contents
of CNC might be due to situations such as the coating solution (to some extent) blocking the interstices
and pores, and water droplets spreading in/on the fabric [43]. Furthermore, energy came from
the effective dissipation of heat through the different coated layer referring irradiative, and it was
difficult to be measured. To clear the thermal conductive property systematically, the investigation of
air-permeability, wettability, and color appearance of the graphene-coated fabric had been arranged
for further study.

3.4. Tensile and Bursting Properties

The results of tensile and elongation at break were plotted in Figures 8 and 9, respectively. When
impregnated with pure CNC suspension, the elongation at break decreased a little with an increase of
CNC contents from 1 to 4 wt.%. The addition of graphene improved the elongation at break of G/CNC
solution coated fabrics, and with the increase of graphene content the elongation at break increased.
The maximum elongation at break for GCBPF appears in 3 wt.% G and 2 wt.% CNC, with the value of
12.5%. As shown in Figure 8, the elongation at break increased with an increased content of graphene.
The addition of graphene destroyed the crystallization of the CNC solution, and the flake graphene
increased the flexibility of the G/CNC impregnating solution, which resulted in the decrease of Cr
(Figure 4) and increase of elongation at break.Polymers 2018, 10, x FOR PEER REVIEW  8 of 13 
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complete self-assembly of CNC and the stronger electron scattering by graphene resulting in GCBPFs 
yielding brighter structures than CBPFs [44]. 
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excellent mechanical properties of CPBFs, and the dip coating treatment did not change the inner 
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molecules cross-linked [45]. Meanwhile, the GCPBFs also had excellent thermal conductivity 
mentioned by the former discussion in this paper. 
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A gradual increase in the tensile strength (TS) of CPBFs was observed (from 24.9 MPa to 29.0 MPa)
in Figure 9 when the CNC concentration was increased from 1 wt.% to 4 wt.%. Moreover, the TS
of GCBPFs decreased significantly (p < 0.05) with the addition of graphene from 1 wt.% to 3 wt.%
compared with CPBF, with the values of TS in GCBPFs ranging from 18.2 MPa to 25.8 MPa. The larger
decrease of TS in GCBPFs than CBPFs might be contribute to the addition of graphene destroying the
complete self-assembly of CNC and the stronger electron scattering by graphene resulting in GCBPFs
yielding brighter structures than CBPFs [44].

The bursting strength (BS) of CPBFs and GCPBFs is shown in Figure 10. The values of bursting
strength in CPBFs increased with an increase of CNC contents, while the addition of graphene made
the values decrease significantly (p < 0.05). The ultimate strength of the GCPBF was up to 1.514 MPa,
which was slightly lower than the CPBF (1.696 MPa). This indicates that GCPBFs inherited the
excellent mechanical properties of CPBFs, and the dip coating treatment did not change the inner
structure of fibers; the complex of graphene and hydroxyl groups in cellulose makes cellulose molecules
cross-linked [45]. Meanwhile, the GCPBFs also had excellent thermal conductivity mentioned by the
former discussion in this paper.
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3.5. Morphology of Coated Bamboo Pulp Fabrics

The structures of the fabrics and G/CNC-coated bamboo viscose fabrics (GCBPFs) were investigated
by SEM as shown in Figure 11. It can be seen from Figure 11a,b that pristine bamboo viscose fabric
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(BPF) had smooth surfaces, while the GCBPFs had much coarser surfaces as shown in Figure 11c–f,
indicating the G/CNC solutions had successfully coated the bamboo viscose fiber surface.
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Figure 11. SEM images of CBPFs and GCBPFs ((a,b) CNC-coated bamboo pulp fabric; (c,d)
G/CNC-coated fabric with lowest thermal conductivity; (e,f) G/CNC-coated fabric with highest
thermal conductivity).

Figure 11c,d are images of GCBPFs with 1 wt.% CNC and 1 wt.% G, which had the lowest thermal
conductivity. With increasing contents of CNC and G by 4 wt.% and 3 wt.%, respectively, the graphene
can be seen to be uniformly distributed on the surface of the fabrics (Figure 11e,f) and interacting with
the bamboo fibers through hydrogen interactions. The GCBPFs are filled more tightly by the G/CNC
fillers, which also correspond to highest thermal conductivity [46].
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4. Conclusions

In summary, the GCBPFs were synthesized by impregnating BPFs into the G/CNC solutions
through a wet coating process in this study. The structure, and mechanical and thermal properties were
studied subsequently. The graphene was found to uniformly coat bamboo pulp fiber surfaces due to
the dispersion of CNC suspension, which enhanced the thermal and mechanical properties of the fabric
at the same time. The GCBPF sample with a higher CNC concentration of 4 wt.% and G of 3 wt.% had
excellent thermal conductivity and mechanical properties. The G/CNC coatings formed a firmly linked
thermal conductive network, which made the originally insulating BPF thermally conductive. The
results of this study indicate that the prepared GCBPFs have great application potentials for cooling
textiles, conductive fabrics, wearable electronics, etc. Moreover, the durability of the G/CNC coating,
i.e., the washing experiment, color fastness, and wear test, will be evaluated in order to validate the
practical interest of this solution in our future work.
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Abstract: Polysulfone (PSU) foams containing 0–10 wt% graphene nanoplatelets (GnP) were prepared
using two foaming methods. Alongside the analysis of the cellular structure, their thermal conductivity
was measured and analyzed. The results showed that the presence of GnP can affect the cellular
structure of the foams prepared by both water vapor induced phase separation (WVIPS) and
supercritical CO2 (scCO2) dissolution; however, the impact is greater in the case of foams prepared by
WVIPS. In terms of thermal conductivity, the analysis showed an increasing trend by incrementing the
amount of GnP and increasing relative density, with the tortuosity of the cellular structure, dependent
on the used foaming method, relative density, and amount of GnP, playing a key role in the final value
of thermal conductivity. The combination of all these factors showed the possibility of preparing
PSU-GnP foams with enhanced thermal conductivity at lower GnP amount by carefully controlling
the cellular structure and relative density, opening up their use in lightweight heat dissipators.

Keywords: polysulfone foams; graphene; thermal conductivity; tortuosity; water vapor induced
phase separation; scCO2

1. Introduction

Polysulfone (PSU) is a high performance thermoplastic with high thermal and chemical stability,
excellent strength and toughness, good environmental stress-crack resistance, and inherent fire
resistance [1,2]. Additionally, it is resistant to gamma and e-beam radiation due to its high aromatic
content [3]. PSU foaming methods such as carbon dioxide dissolution foaming [4–8], extrusion of
microcellular polysulfone using chemical blowing agents [9] and PSU membrane formation [10–13]
have been vastly studied. Nevertheless, the addition of thermally conductive nanofillers such as
graphene is still incipient [14].

The high aspect ratio of carbon-based nanofillers allows the preparation of polymer-based
nanocomposites with high performance and multifunctionality [15]. Their addition to polymers can
provide thermal and electrical conductivity at low nanofiller content, overcoming one of the major
technological barriers of polymers and enabling their use in applications such as heat sinks [16] and
electronic packaging [17]. Additionally, these nanocomposites are suitable candidates as alternatives
to conductive polymers that lack thermal stability and proper mechanical performance [18].

The thermal conductivity of nanocomposites is highly dependent on the filler and polymer
type [19]. Other factors such as purity and dimension of the filler, polymer crystallinity and measuring
methods, explain the scattered data reported for the thermal conductivity of nanocomposites [18,20].
Previous studies of such materials are focused mainly on various types of carbon-based fillers, owing to
their intrinsically high thermal conductivity [21–23]. Among them, graphene nanoplatelets (GnP) have
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been some of the most considered nanofillers in recent studies for enhancing the thermal conductivity
of polymer-based nanocomposites [24–26]. However, results suggest certain constraints regarding the
improvement of thermal conductivity, as nanocomposites prepared with GnP have shown limited
thermal conductivity even at high filler content [27].

Foaming of these nanocomposites has been the center of attention with the goal of creating
novel foams with improved specific properties. In this sense, we have previously investigated
thoroughly the preparation and properties of foams based on other high performance thermoplastics
like polyetherimide (PEI) reinforced with GnP and carbon nanotubes [28–31]. The results presented
in these works indicate that foaming provided further enhancement of the electrical conductivity by
promoting a better dispersion of the nanofillers through the continuous phase of the nanocomposite
foams [29].

Likewise, a great interest has appeared very recently regarding the possibility of tuning and
enhancing the thermal conductivity of polymer-based foams and hence extend their applicability
by generating a more effective thermal conduction network throughout the polymer cell walls by
means of guaranteeing a proper distribution and dispersion of thermally conductive nanoparticles,
such as GnP. Foaming could hence provide a viable strategy for developing tailored structures to
enhance the heat dissipation efficiency of novel lightweight devices. In this sense, PSU nanocomposite
foams containing variable concentrations of GnP (up until 10 wt%) were prepared using two foaming
methods: water vapor induced phase separation (WVIPS) and scCO2 dissolution. The resulting foams
were characterized regarding their cellular structure and thermal conductivity.

The novelties of the present research are (1) the comparison between two very different foaming
methods as is the common method of scCO2 dissolution foaming with the less common method of
water vapor induced phase separation, usually considered for preparing polymeric membranes [32],
with obvious advantages of the second one such as the non-requirement of having to melt-compound
the material or the possibility of controlling in an easy way the density and cellular structure of the
resulting foams; and (2) the consideration for the first time of how the addition of variable amounts of
GnP and the developed cellular structure affect the thermal conductivity values through a tortuosity
factor that takes into account the complexity of the cellular structure. By considering this tortuosity
factor and the relative density as fundamental parameters in the final thermal conductivity, our work
shows the possibility of optimizing the thermal conductivity of PSU-GnP foams through the control of
their density and cellular structure, ultimately related to the possibility of obtaining conductive foams
at lower GnP amounts, for instance for lightweight heat dissipation components.

2. Materials and Methods

2.1. Materials

PSU pellets (UDEL P-1700) were purchased from Solvay (Brussels, Belgium) with a density of
1.24 g/cm3 and a glass transition temperature of 185 ◦C. The GnP used in this study was acquired
from XG Science Inc. (Lansing, MI, USA) with the commercial name of xGnP-Grade M15. These
nanoplatelets have a reported thickness of 6–8 nm, an average platelet diameter of 15 µm, a surface
area of 120–150 m2/g, a density of 2.2 g/cm3, and a thermal conductivity of 3000 and 6 W·m−1·K−1

parallel and perpendicular to the surface, respectively. N-methyl pyrrolidone (NMP) used in this study
was obtained from Panreac Química SA (Barcelona, Spain) with 99% purity and a boiling and flash
points of 202 and 95 ◦C, respectively.

2.2. Foaming Methods

Three series of foams were prepared in this study, the first two using the WVIPS method. In
this method, graphene nanoplatelets were initially dispersed in NMP for 30 minutes using a FB-705
ultrasonic processor (Fisher Scientific, Hampton, NH, USA) at maximum amplitude using a 12 mm
solid tip probe and 20 kHz, applying a total amount of energy of 90 kJ at 95–130 W. The temperature
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of this NMP-GnP solution was maintained at 50 ◦C using an ice-bath. PSU was then dissolved in
the NMP-GnP solution at 15 wt% PSU concentration for the first foam series (series 1) and 25 wt%
PSU for the second one (series 2) at 50 ◦C and kept stirring at 450 rpm for 24 h. Foamed samples
were respectively coded as “15 PSU x GnP” and “25 PSU x GnP”, with x representing GnP’s weight
percentage. In the following step, the solutions were poured on a flat glass and kept at room temperature
exposed to air with an average humidity of 75% for 6 days. Foams with variable GnP content (0, 1, 2, 5
and 10 wt%) were prepared for both series. The phase inversion between the solution and water led to
the formation of the cellular structure. The resulting foams were then washed in water and ethanol in
order to remove the residual solvent and afterwards dried in a vacuum dryer. The process is shown in
Figure 1.
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Figure 1. Scheme of the water vapor induced phase separation (WVIPS) process used to prepare
PSU-GnP foams from series 1 (15 wt% PSU) and series 2 (25 wt% PSU).

A third series of PSU-GnP nanocomposite foams (series 3) were prepared by initially
melt-compounding PSU pellets and GnP powder using a Brabender Plastic-Corder (Brabender
GmbH and Co., Duisburg, Germany) and foamed using scCO2 dissolution foaming inside a high
pressure vessel. In order to prepare foams with variable GnP content (0, 0.4, 0.7, 1.0, 1.5 and 2 wt%),
a masterbatch containing 50 wt% of ultrasonicated GnP in PSU was initially prepared in an NMP
solution and then washed and dried. This masterbatch was then melt-mixed with PSU pellets in
the Brabender in order to obtain the desired compositions. Subsequently, the nanocomposites were
removed from the Brabender mixing chamber and molded into circular-shaped disks (foam precursors)
using a hot-plate press (PL15, IQAP LAP, IQAP Masterbatch Group S.L., Barcelona, Spain) at 250 ◦C
and 80 bar for 14 min. The resulting disks had a nominal thickness of 3 mm and a diameter of 74 mm.

Foaming took place in the high-pressure vessel (CH-8610 Uster/Schweiz, Büchiglasuster,
Switzerland) by dissolving scCO2 at 185 ◦C and 180–210 bar for 5 h, followed by a sudden
depressurization at ~0.3 MPa/s and controlled cooling of the vessel using circulating water. Both steps
of scCO2 dissolution/heating and depressurization/cooling are shown in Figure 2. Foams from this
series were coded as “PSU x GnP” (x representing the weight percentage of GnP).

67



Polymers 2019, 12, 25Polymers 2020, 12, x FOR PEER REVIEW 4 of 21 

 

 

Figure 2. Scheme of the scCO2 dissolution foaming process used to prepare PSU-GnP foams from 
series 3. 

2.3. Testing Procedure 

The foam’s density values were measured using the ISO-845 standard procedure. The cellular 
structure of the foams was analyzed using a JEOL JSM-5610 (Tokyo, Japan) scanning electron 
microscope (SEM) applying a voltage of 10 kV and a working distance of 40 mm. Samples were 
brittle-fractured using liquid nitrogen and later coated with a thin layer of gold by sputter deposition 
using a BAL-TEC SCD005 (Los Angeles, CA, USA) sputter coater under an argon atmosphere. The 
values of the average cell size (Φ) were measured using the intercept counting method, explained in 
detail in [33]. Five ×300 magnification SEM micrographs were used for each foam. Cell nucleation 
density (N0) and cell density (Nf), which respectively represent the number of cells per volume of 
unfoamed material and the number of cells per volume of foamed material, were calculated assuming 
an isotropic distribution of spherical cells according to: 

3
2

0
snN

A
ρ
ρ

  =   
   

, (1) 

2

6 1f
s

N
Φ

ρ
ρπ

 
= − 

 
, (2) 
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Figure 2. Scheme of the scCO2 dissolution foaming process used to prepare PSU-GnP foams from
series 3.

2.3. Testing Procedure

The foam’s density values were measured using the ISO-845 standard procedure. The cellular
structure of the foams was analyzed using a JEOL JSM-5610 (Tokyo, Japan) scanning electron microscope
(SEM) applying a voltage of 10 kV and a working distance of 40 mm. Samples were brittle-fractured
using liquid nitrogen and later coated with a thin layer of gold by sputter deposition using a BAL-TEC
SCD005 (Los Angeles, CA, USA) sputter coater under an argon atmosphere. The values of the average
cell size (Φ) were measured using the intercept counting method, explained in detail in [33]. Five
×300 magnification SEM micrographs were used for each foam. Cell nucleation density (N0) and cell
density (Nf), which respectively represent the number of cells per volume of unfoamed material and
the number of cells per volume of foamed material, were calculated assuming an isotropic distribution
of spherical cells according to:

N0 =
( n

A

) 3
2
(
ρs

ρ

)
, (1)

Nf =
6

πΦ2

(
1− ρ

ρs

)
, (2)

where n is the number of cells in the micrograph, A is its area in cm2, and ρs and ρ are the solid and
foam densities, respectively.

The thermal conductivity of PSU and PSU-GnP nanocomposites and foams was measured using a
C-Therm TCi Thermal Conductivity Analyzer, which employs the Modified Transient Plane Source
technique, with a sensor radius of 3.189 mm, optimizing both the power output and measuring time
according to the thermal characteristics of each sample (0.005–0.015 W and 15–80 s, respectively). The
samples were prepared with the following dimensions: 20 mm × 20 mm × 2 mm (thickness), cutting
directly from the obtained foams and flattening the surface using sandpaper.

3. Results

3.1. Cellular Structure of the Foams

The composition of PSU-GnP nanocomposite foams prepared by WVIPS (series 1 and series 2)
and scCO2 dissolution (series 3), their respective relative density (ρ/ρs), and main cellular structure
characteristics are presented in Table 1.
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Table 1. Composition, relative densities and cellular structure characteristics of PSU and PSU-GnP
nanocomposite foams.

Foam
Series Foam Code Density

(g/cm3)
Relative
Density Vg VPSU VGnP Φ (µm) N0

(cells/cm3)
Nf

(cells/cm3)

Series 1

15 PSU 0.299 0.24 0.759 0.241 0.000 29.7 1.9 × 108 5.5 × 107

15 PSU 1 GnP 0.351 0.28 0.719 0.280 0.002 55.5 3.3 × 107 8.1 × 106

15 PSU 2 GnP 0.370 0.30 0.705 0.292 0.003 56.7 3.2 × 107 7.5 × 106

15 PSU 5 GnP 0.402 0.32 0.683 0.308 0.009 50.1 5.1 × 107 1.0 × 107

15 PSU 10 GnP 0.500 0.39 0.615 0.362 0.023 Open cell - -

Series 2

25 PSU 0.435 0.35 0.649 0.351 0.000 19.9 5.2 × 108 1.5 × 108

25 PSU 1 GnP 0.402 0.32 0.677 0.321 0.002 21.2 3.7 × 108 1.3 ×108

25 PSU 2 GnP 0.507 0.41 0.595 0.401 0.005 33.9 1.0 × 108 2.9 × 107

25 PSU 5 GnP 0.532 0.42 0.580 0.408 0.012 Open cell - -
25 PSU 10 GnP 0.588 0.45 0.547 0.426 0.027 Open cell - -

Series 3

PSU 0.443 0.36 0.643 0.357 0.000 19.1 2.1 × 108 1.8 × 108

PSU 0.1 GnP 0.428 0.35 0.655 0.345 0.000 17.3 2.5 × 108 2.4 × 108

PSU 0.4 GnP 0.457 0.37 0.632 0.367 0.001 13.9 3.4 × 108 4.5 × 108

PSU 0.7 GnP 0.472 0.38 0.620 0.378 0.002 15.1 2.7 × 108 3.5 × 108

PSU 1 GnP 0.510 0.41 0.590 0.407 0.002 13.1 4.1 × 108 5.1 × 108

PSU 1.5 GnP 0.575 0.46 0.539 0.457 0.004 13.8 3.7 × 108 4.0 × 108

PSU 2 GnP 0.561 0.45 0.552 0.443 0.005 14.9 2.1 × 108 3.1 × 108

As can be seen in Table 1, the addition of GnP resulted in a general increase in the average cell size
for foams prepared using the WVIPS method when compared to the unfilled PSU foams. The addition
of GnP in the first two foam series, that is, those prepared by WVIPS, seemed to affect the kinetics of
cell formation due to GnP’s affinity for NMP, which slowed down the process by hindering the phase
exchange with water. The greater amounts of GnP in these foams (10 wt% GnP in series 1 and 5 and 10
wt% GnP in series 2) resulted in the formation of foams with open interconnected pores, which could
be the result of the mentioned GnP affinity for NMP (see micrographs presented in Figures 3 and 4).
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Cell density and cell nucleation density decreased for the first two series of foams with the addition
of GnP when compared to the respective unfilled PSU foams. However, by increasing the amount
of GnP, these values did not follow a generic pattern. In a similar way, foams prepared by scCO2

dissolution displayed a general increase in cell density and cell nucleation density with adding GnP.
Nevertheless, no clear trend was observed within these samples related to the increment in the amount
of GnP.

3.2. Thermal Conductivity

The experimental thermal conductivity (λexp) of all foams and their relative density values are
presented in Table 2.

Table 2. Experimental thermal conductivity values of PSU and PSU-GnP nanocomposite foams.

Foam Series Foam Code Relative Density λexp (W·m−1·K−1)

Series 1

15 PSU 0.24 0.056
15 PSU 1 GnP 0.28 0.073
15 PSU 2 GnP 0.30 0.073
15 PSU 5 GnP 0.32 0.111

15 PSU 10 GnP 0.39 0.193

Series 2

25 PSU 0.35 0.066
25 PSU 1 GnP 0.32 0.090
25 PSU 2 GnP 0.41 0.116
25 PSU 5 GnP 0.42 0.221

25 PSU 10 GnP 0.45 0.510

Series 3

PSU 0.36 0.077
PSU 0.1 GnP 0.35 0.072
PSU 0.4 GnP 0.37 0.088
PSU 0.7 GnP 0.38 0.087
PSU 1 GnP 0.41 0.091

PSU 1.5 GnP 0.46 0.102
PSU 2 GnP 0.45 0.108

As can be seen, there was a direct relation between the thermal conductivity and the GnP amount,
as all PSU-GnP nanocomposite foams displayed an increasingly higher thermal conductivity with
incrementing the amount of GnP (see Figure 6), owing to the inherently high thermal conductivity of
GnP and the higher probability of physical contact between graphene nanoplatelets (see the ×1500
magnification micrographs presented in Figures 7–9 and especially the comparative high magnification
micrographs presented in Figure 10 showing the distribution and dispersion of GnP throughout the
cell walls of PSU-GnP foams). No significant differences were observed in terms of GnP dispersion
between foams with 2 wt% GnP prepared by the two foaming methods (Figure 10). The experimental
thermal conductivity of each foam series followed a linear trend with the volume percentage of GnP
(R2 ≥ 0.93) with different slopes for each of the series (Figure 6).
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Relative density also played a significant role, as thermal conductivity augmented with increasing
relative density (Figure 11), especially in the case of PSU-GnP foams from series 2. This increment was
related to the increasingly higher importance of thermal conduction through the solid phase, formed
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The effect of GnP influence on the thermal conductivity of the foams regardless of the changes
in relative density can be observed in Figure 12 by representing the specific experimental thermal
conductivity (λspec), defined as the quotient between the experimental thermal conductivity and the
density of the foam, as a function of GnP amount.
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The thermal conductivity of nanocomposite foams (λf) can be assumed as a contribution of four
factors [34]: thermal conduction through the solid nanocomposite (λs), conduction through the gas
phase (λg), convection through the cells (λcv) and radiation through the cell struts and across the cell
voids (λr):

λf = λs + λg + λcv + λr. (3)

The thermal conductivity due to convection (λcv) is only considered significant when the Grashof
number is greater than 1000, which requires a minimum cell size of 10 mm [35,36]; therefore, it can be
ignored for these foams.

Regarding the contribution of radiation (λr), the heat flux going through the foam in radiation
form can be modeled as radiation across a series of parallel opaque surfaces with a separation equal to
the average cell size (Φ) according to [34]:

λr = 4
ε

2− εσT3Φ, (4)

where ε is the cell wall emissivity and σ is the Stefan–Boltzmann constant. The radiation contribution
can also be disregarded for the foams presented in this work, as all of them are black due to the
presence of GnP and have been prepared with relatively high thicknesses. Since the conductive GnP
particles play a key role in the final thermal conduction behavior of the foams, a two-phase model was
suggested for predicting thermal conductivity:

λf = λgVg + ξ(λcVc), (5)

in which λf represents the thermal conductivity of the foam, λg corresponds to the conductivity of the
gas in the cells (λair = 0.026 W·m−1·K−1 [37]), λc represents the conductivity of the solid nanocomposite
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phase (PSU-GnP, experimentally determined to be between 0.210 W·m−1·K−1 for unfilled PSU and 0.282
W·m−1·K−1 for PSU-GnP foams containing the highest amount of GnP) and ξ is a parameter related to
the tortuosity, which depends on the complexity of the foam’s structure. Vg and Vc correspond to the
volume fraction of the gas and solid phase, respectively.

As can be seen when comparing the SEM micrographs presented in Figures 3–5, and in Figures 7–9,
and the cellular structure characteristics presented in Table 1, the changes in cellular structure could
alter the tortuosity factor ξ, directly affecting the values of thermal conductivity; therefore, the ξλc

product was calculated from the experimental thermal conductivity values for each foam using the
following equation and presented in Table 3:

ξλc =
λf − λgVg

Vc
. (6)

Table 3. Tortuosity effect (ξλc) and foaming efficiency (n) influence on the thermal conductivity of PSU
and PSU-GnP nanocomposite foams.

Foam Series GnP (wt%) ξλc (W·m−1·K−1) Relative Density n

Series 1

0 0.150 0.24 0.692
1 0.192 0.28 0.764
2 0.184 0.30 0.760
5 0.294 0.32 0.847
10 0.459 0.39 0.909

Series 2

0 0.138 0.35 0.712
1 0.225 0.32 0.806
2 0.248 0.41 0.840
5 0.490 0.42 0.918
10 1.093 0.45 0.964

Series 3

0 0.168 0.36 0.760
0.1 0.159 0.35 0.744
0.4 0.194 0.37 0.791
0.7 0.185 0.38 0.785
1.0 0.185 0.41 0.791
1.5 0.192 0.46 0.808
2.0 0.209 0.45 0.821

The effect of changes in tortuosity could be observed in foams with similar composition. In the
case of foams prepared using the WVIPS method, the ones with an open-cell structure (15 PSU 10 GnP,
25 PSU 5 GnP and 25 PSU 10 GnP) showed considerably lower tortuosity (higher ξλc values) and, as a
consequence, displayed higher values of thermal conductivity. For foams with closed-cell structure,
the value of the specific thermal conductivity decreased with decreasing cell size and hence increasing
cell nucleation density, directly related to a higher tortuosity.

The drawback in the two-phase model presented in Equation (5) is that the effect of foam’s density
on the thermal conductivity of the foam is not clearly introduced. The already shown increase in
thermal conductivity of the foam by incrementing relative density (Figure 11) can be explained by a
power law expression similar to the one suggested by Gibson and Ashby for predicting the mechanical
performance of cellular solids [35]:

λf

λc
= K

(
ρ

ρs

)n

. (7)

In this equation, if we assume K as being a variable equivalent to the tortuosity parameter ξ,
exponent n can be seen as representing the foaming efficiency in the final thermal conductivity, being
related to the relative density according to:

77



Polymers 2019, 12, 25

n =
[ln(λf) − ln(ξλc)][

ln
( ρ
ρs

)] . (8)

The values of n have been calculated for each foam and are presented in the final column of
Table 3. As the values of n suggest, the highest efficiency corresponds to the foams from series 2, i.e.,
foams prepared by the WVIPS method with a 25% of PSU.

These results, combined with the previous analysis on the tortuosity and cellular structure of
the foams, could lead to an optimization of the thermal conductivity of PSU-GnP nanocomposite
foams by controlling their density and cellular structure, and hence to the achievement of highly
conductive foams at lower amounts of GnP. This can be more clearly seen in Figure 13 by representing
the normalized thermal conductivity of the foams (λnorm), calculated by dividing λf by (ξλc), as a
function of relative density.
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4. Conclusions

Three series of PSU-GnP nanocomposite foams with variable amounts of GnP (between 0 and 10
wt%) were prepared using two foaming methods: WVIPS and scCO2 dissolution. Foams prepared by
the WVIPS method presented relative densities between 0.24–0.39 for series 1 (foams prepared with
15% PSU) and between 0.35–0.45 for series 2 (foams prepared with 25% PSU), while foams prepared
by scCO2 dissolution (series 3) displayed relative densities between 0.36–0.45. In all series, relative
density increased with incrementing the amount of GnP.

In terms of cellular structure, foams from series 1 and series 2 showed higher average cell sizes
and hence lower cell densities and cell nucleation densities with the addition of GnP. Among these
foams, those with lower amounts of GnP displayed a homogenous closed-cell structure, whereas those
with a higher GnP concentration (10 wt% GnP in series 1 and 5 and 10 wt% GnP in series 2) showed an
open-cell interconnected structure. These results suggest that the presence of GnP affected the kinetics
during the phase separation exchange process by slowing it down due to the affinity of GnP for NMP.
In the case of foams prepared via scCO2 dissolution, an opposite trend was observed with only slight
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changes. The average cell size of foams from series 3 slightly decreased by adding GnP, which could
be the result of a physical barrier effect of the platelet-like GnP to the diffusion of CO2 in PSU.

The thermal conductivity of the foams was affected mainly by the presence of GnP, the cellular
structure, and the density of the foams. The thermal conductivity showed a linear increasing trend with
increasing GnP volume fraction, as expected due to the intrinsically high thermal conductivity of GnP.
Additionally, the tortuosity of the cellular structure, also directly related to the added amount of GnP,
influenced the final value of thermal conductivity by affecting the path of conduction. The highest values
of thermal conductivity corresponded to foams with an open-cell interconnected structure. Moreover,
density played a key role, as thermal conductivity followed a power law relation with relative density.
The combination of these factors showed that PSU-GnP foams can be prepared with higher thermal
conductivity at a lower amount of GnP by carefully controlling their cellular structure and relative density.

Author Contributions: Formal analysis: H.A., M.A., and J.I.V.; investigation: H.A., M.A., and J.I.V.; methodology:
H.A., and M.A.; writing—original draft: H.A., M.A., and J.I.V.; writing—review and editing: H.A., M.A., and J.I.V.
All authors have read and agreed to the published version of the manuscript.

Funding: Research funded by the Spanish Ministry of Science, Innovation, and Universities, Government of Spain
(project MAT2017-89787-P).

Conflicts of Interest: The authors declare no conflict of interest.

References

1. McKeen, L.W. 12-High Temperature/High Performance Polymers. In Plastics Design Library; William Andrew
Publishing: Boston, MA, USA, 2012; pp. 315–337. ISBN 978-1-4557-2551-9.

2. Gohil, S.V.; Suhail, S.; Rose, J.; Vella, T.; Nair, L.S. Polymers and composites for orthopedic applications. In
Materials for Bone Disorders; Elsevier: Amsterdam, The Netherlands, 2017; pp. 349–403.

3. Kyriacos, D. High-Temperature Engineering Thermoplastics. In Brydson’s Plastics Materials; Elsevier:
Amsterdam, The Netherlands, 2017; pp. 545–615.

4. Krause, B.; Diekmann, K.; van der Vegt, N.F.A.; Wessling, M. Open Nanoporous Morphologies from
Polymeric Blends by Carbon Dioxide Foaming. Macromolecules 2002, 35, 1738–1745. [CrossRef]

5. Li, Z.; Jia, Y.; Bai, S. Polysulfone foam with high expansion ratio prepared by supercritical carbon dioxide
assisted molding foaming method. RSC Adv. 2018, 8, 2880–2886. [CrossRef]

6. Guo, H.; Nicolae, A.; Kumar, V. Solid-state microcellular and nanocellular polysulfone foams. J. Polym. Sci.
Part B Polym. Phys. 2015, 53, 975–985. [CrossRef]

7. Sun, H.; Mark, J.E. Preparation, characterization, and mechanical properties of some microcellular polysulfone
foams. J. Appl. Polym. Sci. 2002, 86, 1692–1701. [CrossRef]

8. Krause, B.; Boerrigter, M.E.; van der Vegt, N.F.A.; Strathmann, H.; Wessling, M. Novel open-cellular
polysulfone morphologies produced with trace concentrations of solvents as pore opener. J. Memb. Sci. 2001,
187, 181–192. [CrossRef]

9. Huang, Q.; Klötzer, R.; Seibig, B.; Paul, D. Extrusion of microcellular polysulfone using chemical blowing
agents. J. Appl. Polym. Sci. 1998, 69, 1753–1760. [CrossRef]

10. Wu, H.; Tang, B.; Wu, P. Development of novel SiO2–GO nanohybrid/polysulfone membrane with enhanced
performance. J. Memb. Sci. 2014, 451, 94–102. [CrossRef]

11. Chakrabarty, B.; Ghoshal, A.K.; Purkait, M.K. Ultrafiltration of stable oil-in-water emulsion by polysulfone
membrane. J. Memb. Sci. 2008, 325, 427–437. [CrossRef]

12. Anadão, P.; Sato, L.F.; Wiebeck, H.; Valenzuela-Díaz, F.R. Montmorillonite as a component of polysulfone
nanocomposite membranes. Appl. Clay Sci. 2010, 48, 127–132. [CrossRef]
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Abstract: Under the current situation of frequent oil spills, the development of green and recyclable
high-efficiency oil-absorbing aerogel materials has attracted wide attention from researchers.
In this study, we report a high-strength, three-dimensional hydrophobic cellulose nanofiber
(CNF)/polyvinyl alcohol (PVA)/graphene oxide (GO) composite aerogel with an anisotropic porous
structure, which was fabricated by directional freeze-drying technology using anisotropically grown
ice crystals as a template, followed by hydrophobic treatment with a simple dip coating process.
The prepared composite aerogel presented anisotropic multi-level pore microstructures, low density
(17.95 mg/cm3) and high porosity (98.8%), good hydrophobicity (water contact angle of 142◦) and
great adsorption capacity (oil absorption reaching 96 times its own weight). More importantly, the
oriented aerogel had high strength, whose compressive stress at 80% strain reached 0.22 MPa and
could bear more than 22,123 times its own weight without deformation. Therefore, the CNF/PVA/GO
composite aerogel prepared by a simple and easy-to-operate directional freeze-drying method is
a promising absorbent for oil-water separation.

Keywords: cellulose nanofibers; polyvinyl alcohol; graphene; directional freeze-drying; oil absorption

1. Introduction

Water pollution caused by oil and chemical spills seriously harms the ecological environment and
human health [1–3]. Therefore, effectively solving the problem of oil pollution has become an urgent and
arduous task. Traditional methods for dealing with petroleum pollution include the following methods:
physical and mechanical methods [4], direct combustion methods [5], bioremediation methods [6],
chemical treatment methods [7] and dosing materials [8], in which the adsorption of adsorbent materials
is simple and environmentally friendly. The oil-absorbing materials reported in the literature can be
summarized into three categories according to the nature and source of the materials: (1) porous
inorganic minerals such as clay [9], silica [10], perlite [11], fly ash [12], etc. These materials come from
a wide range of sources, which have low oil absorption, poor oil holding capacity, and difficulty in
recycling; (2) synthetic polymers such as polyurethane [13], polystyrene foam [14]. Although these
materials have good oil absorption ability and reusability, they have poor biodegradability; (3) natural
plant fibers such as cotton fiber [15], straw [16], etc. These materials are provided with a wide range
of sources, low cost and biodegradability but lack a good oil absorption rate. Therefore, novel,
environmentally friendly, highly efficient and sustainable materials are urgently needed.

Nanocellulose has a wide range of sources, good biodegradability and outstanding mechanical
properties [17]. Cellulose aerogel not only possesses the advantages of low density and high porosity
compared with traditional aerogel but also has good biocompatibility that makes it an environmentally
friendly adsorbent and has attracted widespread attention [18]. Moreover, hydrophobic cellulose-based

Polymers 2019, 11, 712; doi:10.3390/polym11040712 www.mdpi.com/journal/polymers81



Polymers 2019, 11, 712

aerogels can be prepared by coating metal oxides and hydrophobic polymers. It has been studied to
modify cellulose-based aerogels with methyltrimethoxysilane and trimethylchlorosilane to make them
hydrophobic and lipophilic [19,20]. Studies have shown that hydrophobically modified cellulose-based
aerogels are potential oil-absorbing materials, which are used to remove marine oil spills [21,22].

Despite the excellent properties of cellulose-based aerogels, their low strength and modulus
limit their application compared to inorganic polymer materials. The poor compressive strength of
oil-absorbing aerogels will cause them to be broken during the oil absorption process, so it is important
to increase their strength. To enhance the compressive properties of the aerogel, we prepared cellulose
nanofiber (CNF) / polyvinyl alcohol (PVA) / graphene oxide (GO) composite aerogels. The low cost PVA
solution has excellent water solubility, biodegradability and biocompatibility. The long polymer chains
of PVA lead to high-density hydrogen bonding with CNFs and GO, which can enhance the mechanical
properties of the cellulose aerogel [23–26]. Meanwhile, GO forms a strong interaction with CNFs and
PVA through hydrogen bonding due to its excellent mechanical properties and large number of oxygen
atoms on the surface. However, most of the aerogels reported have a random internal structure, leading
to relatively poor compressive strength. In recent years, orientation techniques have been used to
prepare porous ceramic materials and have attracted the attention of researchers as a special method
for preparing aerogels [27–29]. Lee and Deng reported the fabrication of layered cellulose foams by
directional freezing, emphasizing the differences in the microstructure and mechanical properties
of microfiber foams [30]. Therefore, in order to further increase compressive strength, designing
anisotropic porous structures in aerogels by directional freezing may be a viable solution.

“Directional freeze-drying” (Figure 1a) means that the bottom of the container contacts with
liquid nitrogen, causing the solvent to freeze from the bottom of the container and that the ice
crystals grow in one direction. When the vessel containing the mixed aqueous suspension is frozen,
phase separation causes the particles and polymer molecules to be expelled from the formed ice
crystals. Then, the molecules are accumulated between the growing ice crystals, and the freezing
process can be carried out in a more controlled manner. In this way, a defined alignment structure
is formed. After sublimation of the ice crystals after lyophilization, the resulting solids can form a
continuous 3D network to form an anisotropic porous aerogel [31]. In addition, containers containing
aqueous suspensions are directly frozen in liquid nitrogen and a refrigerator to produce a relatively
disordered porous structure (we refer to them as “non-directional freeze-drying” and “refrigerator
freeze-drying”) [32–34]. “Non-directional freeze-drying” (Figure 1b) means that the bottom of the
container and the bottle body are in direct contact with liquid nitrogen, then the ice crystal grows from
the outside of the suspension to the inside in the direction of the bottom and the bottle body, followed
by lyophilization. “Refrigerator freeze-drying” (Figure 1c) means that when water suspension is frozen
by refrigerator, the container is surrounded by cold air, so the ice crystal grows from the outside of the
suspension to the inside in all directions. Due to the different growth patterns of ice crystals during
freezing, the three composite aerogels prepared by different freezing methods have different structures
and properties.

In this study, a novel, simple, safe and reliable “directional freezing” method was used to
prepare a CNF/PVA/GO composite aerogel with an anisotropic alignment structure. Then, CPGA
was hydrophobically modified with methyltrichlorosilane (TMCS) by simple thermal chemical vapor
deposition to obtain a hydrophobic CNF/PVA/GO composite aerogel (MCPGA). To confirm the
properties of the resulting aerogel, characterization tests were performed by scanning electron
microscopy (SEM), Fourier transform infrared (FTIR) spectroscopy, mechanical testing machine and
water contact angle (WCA). The results show that the obtained composite aerogel has a low density,
high porosity, aligned porous structure and high compressive strength. It also exhibited high oil-water
selectivity and excellent oil absorption capacities for various oils and organic solvents.
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Figure 1. Schematic representation of (a) the directional freeze-drying method; (b) the non-directional
freeze-drying method and (c) the refrigerator freeze-drying method. Cellulose nanofiber (CNF);
polyvinyl alcohol (PVA); graphene oxide (GO).

2. Experimental

2.1. Materials

Bamboo powder (60 mesh) was purchased from Chongqing Dongyi Xiabu Co., Ltd. (Chongqing,
China) and was the raw material for preparing nanocellulose. Graphite powder was provided by
Qingdao Henglide Graphite Co., Ltd. (Qingdao, China). Analytical grade PVA (Mw: 95,000 g/mol),
glutaraldehyde (GA, Crosslinker, 25 wt % in H2O), potassium hydroxide (KOH), Sudan III, TMCS
(99 wt %), acetic acid (CH3COOH), hydrogen peroxide (H2O2, 30%), sodium nitrate (NaNO3), potassium
permanganate (KMnO4), concentrated sulfuric acid (H2SO4, 98%), phosphorus pentoxide (P2O5),
hydrochloric acid (HCl), sodium chlorite (NaClO2) and potassium persulfate (K2S2O8) were purchased
from Aladdin Industrial Co (Shanghai, China). All materials were analytical and used without further
purification. Deionized water was self-made in our laboratory.

2.2. Preparation of Cellulose Nanofibers

The chemical treatment of bamboo powder referred to the treatment method is described in the
document [35]. The cellulose suspensions used in this study were prepared according to the methods
reported in the previously reported literature [36]. The prepared cellulose suspensions were stored at
4 ◦C before future utilization.

2.3. Preparation of Polyvinyl Alcohol Solution

PVA (10.0 g, Mw: 95,000 g/mol) was dissolved in deionized water (100 mL) and stirred in a water
bath (HH-1, Nanjing Xian’ou Instrument Manufacturing Co., Ltd., Nanjing, China) at 85 ◦C for 12 h
until the PVA was completely dissolved. The PVA solution was then stored at room temperature for
further use.

2.4. Preparation of Graphene Oxide

GO was prepared according to a modified Hummers’ method [37]. Natural graphite powder (3 g),
K2S2O8 (4 g) and P2O5 (4 g) were mixed and placed into a water-bath (80 ◦C) with concentrated H2SO4

(25 mL). After treatment for 5 h under strong mixing by magneton, the mixture was washed with
distilled water until the solution was neutral, then placed in a drying oven (60 ◦C) (DZF-6090, Shanghai
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Jinghong Laboratory Equipment Co., Ltd., Shanghai, China). The mixture, NaNO3 (1 g) and KMnO4

(10 g) were slowly added into a beaker pre-filled with concentrated H2SO4 (100 mL) in the ice-bath
under strong stirring for 2 h. Then, the mixture was warmed to 35 ◦C and kept for 4 h, heated to 90 ◦C
with adding distilled water (800 mL) and held for 1 h, and then mixed with H2O2 (20 mL) to a bright
yellow solution. The solution was filtered with HCl (5 wt %) for several times and the undissolved
substance was washed with deionized water until it was neutral. In order to remove the residual salts
and acids, the resulting graphite oxide colloid was dialyzed with a molecular weight cut-off membrane
(MW 3500 Da) and deionized water for 2 weeks at a room temperature. Finally, the solution was
diluted to the concentration of 1.5 wt %; then, exfoliation of graphite oxide to graphene oxide sheets
was performed by sonicating for 0.5 h under the condition of 960 W, and a homogeneous GO solution
was obtained.

2.5. Preparation of CNF/PVA/GO (CPGA) by Directional Freeze-drying

The CNF suspension (3 g, 1.275 wt %), PVA solution (0.76 mL, 0.1 g/mL), GO solution (3.825 g,
1.5 wt %) and water (2 mL) were mixed and vigorously stirred in a beaker for 1 h. Sulfuric acid (8 µL,
1.0% by volume) was added to the above suspension to adjust the pH of the mixture from 4 to 6.
Then, the GA solution (80 µL, 25 wt %) was added to the resulting CNF/PVA/GO mixture. The above
mixture was mechanically stirred for 1 h and sonicated in an ultrasonic bath for 30 min, and finally
placed in a vacuum oven to remove any residual air bubbles. At the final stage, the obtained mixture
was transferred to a cylindrical mold and then crosslinked in an oven at 75 ◦C for 3 h. The crosslinked
aqueous gel was stored overnight in a 4 ◦C refrigerator for pre-cooling to avoid macroscopic cracking
during the freezing step. A cylindrical mold with a mixed aqueous gel was placed in a directional
freezer for a few minutes to ensure it was completely frozen; then, the mold was transferred to a freeze
dryer and lyophilized for 48 h at −50 ◦C, and then the directional CNF/PVA/GO aerogel (d-CPGA) was
obtained. In addition, refrigerator freeze-dried CNF/PVA/GO aerogel (r-CPGA) and non-directional
freeze-dried CNF/PVA/GO aerogel (n-CPGA) were prepared for comparison.

2.6. Modification of CPGA to Prepare Hydrophobic CPGA Aerogel (MCPGA)

In order to prepare the hydrophobic composite aerogel, TMCS was used as a modification agent.
The CPGA (d-CPGA, r-CPGA, n-CPGA) was placed in a sealed container together with 8 mL of TMCS
in an oven at 40 ◦C for 10 h to produce a hydrophobic and oleophilic MCPGA (d-MCPGA, r-MCPGA,
n-MCPGA) by a silanization reaction. All experimental steps of the sample were shown in Figure 2.

Figure 2. Schematic showing experimental process of the samples.

84



Polymers 2019, 11, 712

2.7. Density and Porosity Measurements

The density (ρ) of aerogels was calculated according to Equation (1):

ρ = m/v (1)

where ρ is the density of the aerogel, m is the mass of the aerogel, and v is the volume of the aerogel.
The density (ρs) of the solid material is calculated according to Equation (2) based on the solid

density of each component and their weight ratios:

ρs = 1/(WCNFs/ρCNFs + WPVA/ρPVA + WGO/ρGO + Wsilane/ρsilane) (2)

where W is the weight percentage of the different components. ρCNFs, ρPVA, ρGO and ρsilane are the solid
densities of CNFs, PVA, GO and silane, respectively. The densities of the CNFs, PVA, GO and silane
used for this study are 1460, 1269, 2100 and 1273 kg/m3, respectively, according to the manufacturer’s
data sheet.

The porosity (P) of aerogels was calculated according to Equation (3)

P(%) = (1− ρ/ρS) × 100% (3)

where P, ρ and ρs are the porosity, actual density and relative density of the material, respectively.

2.8. Sample Characterization

For each test described below, each sample was tested at least three times and the average
results were reported. Field emission scanning electron microscopy (FE-SEM, Hitachi S-4800, Tokyo,
Japan) was used to investigate the microscopic morphology of different types of aerogels. The Fourier
transform infrared spectroscopy (FTIR) (Nicolet iS10, Thermo Electron Corp., Madison, WI, USA) data
was recorded in the range of 500–4000 cm−1. X-ray diffraction (XRD) pattern was measured on Ultima
IV multipurpose XRD system (Ultima IV, Rigaku, Akishima, Japan) with Cu Kα radiation at a scanning
rate of 5◦/min. The water contact angle was measured at room temperature using a contact angle
goniometer (OCA 15/20, Future Digital Scientific Corp., Natick, MA, USA) with 4 µL of water droplets.
The static drop method (angle measurement method) was used for WCA testing. Three aerogels of the
same type were taken and the droplets were separately dropped onto the surface of the aerogel for
2 min with deionized water. The data was read at 1 min and 2 min and the arithmetic mean was taken,
respectively. The data was obtained after multiple measurements. The compression test was carried
out at room temperature using Shimadzu CMT4204 (Kyoto, Japan). The test sample had a diameter of
12 mm and a height of 8 mm and the loading rate was set to 2 mm/min. The oil absorption capacity of
MCPGA, Qt, was measured using the equation Qt = (m2 −m1)/m1, where m1 and m2 are the weights
of the aerogels before and after absorption. The oil absorption capacity is the average of all absorption
tests repeated three times.

3. Results and Discussion

3.1. Morphology and Microstructure

Figure 3a,d,g are digital photographs of d-MCPGA, r-MCPGA, n-MCPGA, respectively. From the
pictures, we could not find the difference in macroscopic appearance. In order to explore the difference
in the internal structure of the aerogel, we observed the microstructure by SEM (Figure 3b–f,h–i).
As shown in the c, e and i of Figure 3, d-MCPGA, r-MCPGA, and n-MCPGA all had a three-dimensional
interpenetrating porous structure. Previous studies have shown that solidification has an important
influence on the microstructure and pore morphology of porous materials [38,39]. D-MCPGA produces
an aligned layered structure in the vertical direction. This particular structure strongly indicates that
the ice crystals grow mainly in the vertical direction, and the sheet fibers of d-MCPGA grow parallel to
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the freezing direction, which indicates the d-MCPGA had anisotropic porous structure and the pore size
was about 60 µm (Figure 3b–c). Furthermore, as indicated by the red markings in Figure 3c, there were
a plurality of connecting channels between the holes which formed an open porous structure that
allowed the oil to easily reach the interior of the aerogel to enhance oil absorption. Freezing at −40 ◦C
had the slowest freezing rate and produced the largest ice crystals, so r-MCPGA had a maximum pore
size of nearly 70 µm and a disordered three-dimensional porous structure (Figure 3e–f). For n-MCPGA,
the freezing rate of the frozen slurry in liquid nitrogen was too fast to produce a dense structure with
only a small pore size of 10 µm (Figure 3i). Under such rapid freezing conditions, the thin wall was
thin and the space between the sheets was small, which was not conducive to the entry of oil and
organic solvents.

Figure 3. Macroscopic pictures and microstructures of aerogels formed by different freeze-drying
methods. (a), (d) and (g) are macro photographs of d-MCPGA, r-MCPGA, n-MCPGA, respectively;
(b) vertical section of d-MCPGA; (c) cross section of d-MCPGA; (e–f) internal SEM image of r-MCPGA;
(h) vertical section of n-MCPGA; (i) cross section of n-MCPGA.

The MCPGA were ultra-light and had high porosity. The density and porosity of MCPGA
(d-MCPGA, r-MCPGA, n-MCPGA) are summarized in Table 1.

Table 1. Physical properties of MCPGA (d-MCPGA, r-MCPGA, n-MCPGA).

Sample Density (kg/m3) Porosity (%)

d-MCPGA 17.95 98.8
r- MCPGA 15.41 99.0
n-MCPGA 18.04 98.8
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3.2. Chemical Properties

To evaluate the formation of TMCS/CNF/PVA/GO composites, we used Fourier transform infrared
spectrometer and an X-Ray diffractomer. Figure 4 showed FTIR spectra of (a) CNFs, (b) GO, (c) PVA,
(d) CNF/PVA/GO and (e) TMCS/CNF/PVA/GO aerogels.

Figure 4. FTIR spectra of (a) CNFs, (b) GO, (c) PVA, (d) CNF/PVA/GO and (e) TMCS /CNF/PVA/GO aerogels.

The spectrum of CNFs (Figure 4a) showed that 3340 cm−1 and 1650 cm−1 were the stretching
vibration and bending vibration of -OH, 2886 cm−1 was the stretching vibration of CH, 1313 cm−1 was
the bending vibration of -OH, 1028 cm−1 was the stretching vibration absorption peak of C-O, whose
vicinity had many weak shoulder peaks [35,40]. The spectrum of GO (Figure 4b) showed a strong peak
corresponding to an oxygen-containing group. A broad peak near 3195 cm−1 was a hydroxyl group,
1722 cm−1 was a C=O stretching vibration from a carbonyl group and a carboxyl group, 1620 cm−1

was C=C from an aromatic ring, 1225 and 1056 cm−1 were C-O-C and C-O stretching vibrations,
respectively [41]. In the infrared spectrum of polyvinyl alcohol (Figure 4c), 3334 cm−1 and 2890 cm−1

were stretching vibrations of -OH and -CH2, respectively [42], 1660 cm-1 was H-O-H bending vibration,
1439 cm−1 was CH stretching vibration and 1033 cm−1 was the C-O-C stretching vibration absorption
peak [43]. In the CNF/PVA/GO spectrum (Figure 4d), we could find that the diffraction peaks of CNFs,
PVA, and GO all appeared, but the peaks were weakened, which might indicate that a strong interaction
was forced among the three components of CNFs, PVA, and GO [34]. Figure 4e was the FTIR spectrum
of the TMCS/CNF/PVA/GO aerogel. There was no significant change in the characteristic peak of the
composite aerogel before and after the TMCS hydrophobic treatment. However, new diffraction peaks
appeared at 783 and 1274 cm−1, which were ascribed to characteristic vibrations of Si-O-Si and C-Si
asymmetric stretching, respectively. In the region of 1000–1130 cm−1, the Si-O-Si bond absorption
band in the siloxane compound overlaps with the C-O bond of cellulose [28], which indicated that the
silylation reaction proceeded successfully and only reacted on the surface of the aerogel so that the
skeletal structure and mechanical properties of the aerogel were not affected.

The XRD patterns of (a) CNFs, (b) PVA, (c) GO, (d) CNF/PVA/GO and (e) TMCS/CNF/PVA/GO
aerogels are shown in Figure 5. The distinct peak at 2θ = 22.5◦ observed from CNFs (Figure 5a)
was attributed to the typical reflection planes (002), and a broad peak at around 15.6◦ was assigned
to the (101) and (10

_
1) lattice planes of the cellulose I crystalline structure [44]. The XRD pattern of

the PVA (Figure 5b) exhibited a broad peak at 2θ= 19.6◦, which was ascribed to the orthorhombic
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lattice structure of semi-crystalline PVA [45]. GO exhibited a diffraction peak at 2θ= 10.4◦ (Figure 5c),
corresponding to the (002) crystal plane [46]. The diffraction peaks of the CNFs, PVA and GO all
appeared in the CNF/PVA/GO aerogel (Figure 5d). A broad peak was observed at 2θ = 20.7◦ and the
peak intensity decreased, corresponding to the diffraction peaks of the CNFs and PVA. Moreover,
the peak of GO sharply weakened, probably due to the relatively small amount of GO added to the
sample. The TMCS/CNF/PVA/GO aerogel (Figure 5e) did not show any different diffraction peaks of
CNF/PVA/GO aerogel as the TMCS silylation reaction only occurred on the aerogel surface without
changing its chemical structure.

Figure 5. XRD patterns of (a) CNFs, (b) PVA, (c) GO, (d) CNF/PVA/GO and (e) TMCS/CNF/PVA/GO aerogels.

3.3. Mechanical Properties

The mechanical properties of aerogels were influenced by many factors, such as raw materials
and ratios, material properties of each component, and microstructure. Under the same raw materials
and ratios, different preparation methods have produced aerogels with different microstructures.
This structural difference played a key role in influencing the mechanical properties of aerogels.
The compression behavior of aerogels (d-MCPGA, r-MCPGA, n-MCPGA) made by CNFs, PVA and
GO using the directional freeze-drying method is shown in Figure 6, and the compression behavior of
aerogels prepared by conventional refrigerator freeze-drying and non-directional freeze-drying are
used as contrast. The curve characteristics of this three-characteristic deformation region of Figure 6
are consistent with previous studies [47]. The compressive stress of r-MCPGA at 80% strain reached
0.11 MPa, slightly higher than other cellulose-based aerogels described in previous studies [48].
This result might be attributed to the strong interaction between the CNFs and GO through hydrogen
bonding and the addition of PVA with a long polymeric chain that could bond with the high density
hydrogen of the CNFs and GO. At 80% strain, the ultimate compressive stress of d-MCPGA (0.22 MPa)
was two times higher than that of r-MCPGA (0.11 MPa) and about 1.5 times higher than that of
n-MCPGA (0.15 MPa). This significant increase might be due to the microstructure of the radially
aligned directional aerogel (Figure 3b). Moreover, the d-MCPGA had a higher compressive capacity
than most of the reported oil-absorbing materials. Figure 7 compares the compressive strength of
d-MCPGA and other oil-absorbing materials. The directional freezing process caused the aerogel to
have an axially ordered vertical pore structure, which contributed to the high strength characteristics
of the d-MCPGA, but the extrusion behavior destroyed its internal orientation structure and caused
the structure to be unrecoverable; thus, d-MCPGA had high strength but was relatively inferior in
flexibility and repeatability.
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Figure 6. Compressive behavior of aerogels (d-MCPGA, r-MCPGA, n-MCPGA) prepared by different
freeze-drying methods consisting of CNFs, PVA and GO.

Figure 7. Comparison of the compressive strength of different materials [49–53].

As shown in Figure 8a–d, 0.0226 g of lightweight d-MCPGA were placed on the young leaves and
carried a weight of 500 g without any deformation (bearing more than 22123 times its own weight),
which far exceeded the previous the study. This high strength was mainly attributed to the excellent
entanglement of CNFs with PVA and GO, and the directional freeze-drying method formed a highly
oriented microstructure.

3.4. Surface Wettability

Hydrophobicity was one of the most important criteria for evaluating oil-absorbing materials.
The surface wettability of CPGA, MCPGA (d-MCPGA, r-MCPGA, n-MCPGA) was investigated by
contact angle measurement. Due to the presence of abundant hydroxyl groups hydroxyl groups on
the surface of the CNFs, PVA and GO, CPGA exhibited strong hydrophilicity. As shown in Figure 9a,
for the original CPGA prior to silane coating, 4 µL of water droplets were completely absorbed by in
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0.2 s and the WCA of 0◦. However, the silane-coated d-MCPGA, r-MCPGA, and n-MCPGA were all
hydrophobic; the WCA was as high as 142, 138 and 139 (Figure 9b–d). After 120 s, the water droplets
retained the initial contact angle and were not absorbed by the aerogel. The water contact angle of the
outer surface did not change significantly with time. Various MCPGAs had a microporous structure,
which could promote the complete filling of high porosity aerogels by TMCS. These results indicate
that the aerogel had a highly hydrophobic surface after silane treatment.

Figure 8. (a) Ultra-light cylindrical d-MCPGA supported by young leaves; (b–d) the pre, middle and
post processes of the d-MCPGA supporting a 500 g mass load.

Figure 9. Water contact angle of (a) CPGA, (b) d-MCPGA, (c) r-MCPGA and (d) n-MCPGA.
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3.5. Absorption Capacity

Silane-coated hydrophobic lipophilic MCPGA was an ideal absorbent material for the removal of
oils and organic solvents from water. Due to its porous structure and oil-water selectivity, MCPGA
has a strong ability to selectively absorb oil and organic liquids in water. Figure 10 showes the
process of MCPGA removal of corn oil (stained with Sudan Red). MCPGA and dyed corn oil didn’t
touch and float on the surface of deionized water. When the two substances were in contact, the
oil was quickly absorbed by MCPGA. After removing MCPGA, the remaining was clean water
without any oil. In order to further study the oil absorption capacity of the MCPGA, we measured
the adsorption capacity of different oils and organic solvents by weighing the samples before and
after oil absorption. Figure 11 showed the absorption capacity of the MCPGA (d-MCPGA, r-MCPGA,
n-MCPGA) for different oils and organic liquids. The oils and organic liquids tested included diesel,
corn oil, N,N-dimethylformamide, pump oil, secondary pump oil, engine oil and ethanol.

Figure 10. Removal of corn oil (dyed with Sudan red) from the water surface using MCPGA.

Figure 11. Absorption capacity of MCPGA (d-MCPGA, r-MCPGA, n-MCPGA) for different oils and
organic liquids.

The absorption ratios of d-MCPGA, r-MCPGA and n-MCPGA were different. The oil absorption
capacity of d-MCPGA was higher (60~96 times), the oil absorption capacity of r-MCPGA was second
(53~71 times), while n-MCPGA had the worst oil absorption capacity (32~56 times). The oil was mainly
stored in the macropores of the aerogel, so the difference in the absorption capacity between the various
organic solvents depended on the surface tension and density of the solvent tested, and the different
porous structures and porosities inside the three aerogels. Capillary forces were responsible for the
adsorption capacity of aerogels. Due to the capillary interaction between the mobile liquid and the
aerogel surface, the liquid could flow spontaneously into the narrow network channel inside the
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aerogel [54]. Since MCPCA was a porous structure, it had massive capillary channels. Compared to
n-MCPGA and r-MCPGA, organic solvents could more easily enter the pores of d-MCPGA through
capillary tension. The results of the absorption ratios were consistent with the microstructure and
porosity results of the three aerogels previously analyzed. In addition, the oil absorption capacity of
d-MCPGA was higher than most existing oil absorption materials (Table 2).

Table 2. Comparison of the absorption capacities of different materials.

Absorbent Material WCA Absorption Capacity (g/g) Ref.

TMCS/rGO/CNF aerogel 117 33–39 [36]
TiO2-coated nanocellulose aerogel >90 40 [55]

Spongy graphene 95 20–86 [56]
Graphene-based aerogel >90 28–40 [57]

MTMS-coated cellulose aerogel 135 18–20 [58]
CNF aerogel

chitosan-silica aerogel
Unknown

137
28

13–30
[59]
[60]

Carbon fiber aerogel from bamboo 145 22–80 [61]
Kymene-coated CNF aerogel 144 24–46 [62]

Anisotropic CNF/PVA/GO aerogel 142 60–96 This work

As shown in Figure 12, the absorption capacity of (a) pump oil; (b) engine oil and (c) corn oil on
the MCPGA (d-MCPGA, r-MCPGA, n-MCPGA) was plotted as a function of absorption time. MCPGA
took about 20–40 s to achieve the absorption balance of oil and pump oil, while in corn oil it only
needed 10 s. The greater the viscosity of liquid, the worse the fluidity and the slower the movement
of the molecules. Therefore, the pump oil with higher viscosity reached the absorption saturation
in a longer time (viscosity: pump oil > engine oil > corn oil). During the adsorption process, initial
adsorption rate was faster and slowed down over time until the adsorption stopped, which might be
attributed to the pore structure of the porous aerogel providing a large number of channels for the
oil. In addition, the surface and interior of the aerogel possessed a large number of available active
adsorption sites, which tended to saturate with time [36]. There was no significant difference in the
adsorption rate of d-MCPGA and r-MCPGA. As can be seen from Figure 12b,c, the adsorption rate of
n-MCPGA was relatively slow, which might be due to its smaller pores and the narrower channels.

Figure 12. The absorption capacity of MCPGA (d-MCPGA, r-MCPGA, n-MCPGA) to adsorb (a) pump
oil; (b) engine oil and (c) corn oil as a function of time.

4. Conclusions

In summary, we have successfully fabricated hydrophobic anisotropic CNF/PVA/GO aerogel
for oil adsorbents using a simple directional freeze-drying process followed by thermal chemical
vapor deposition of TMCS. The CNF/PVA/GO aerogel provided a parallel wall porous structure,
thereby achieving an excellent oil and organic solvent absorption capacity of up to 96 times its own
weight. Further, the assembled anisotropic aerogel delivered low density (17.95 mg/cm3), high strength
(the compressive stress at 80% strain reaching 0.22 MPa and bearing capacity exceeds 22,123 times its
own weight). Therefore, this high strength MCPGA is a potential selective oil absorption material.
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Abstract: In this study the effects of increased graphene nanosheet (GNS) concentration on variations
in the structure and properties of electrospun GNS-filled poly(trimethylene terephthalate) (PTT/GNS)
composite fiber, such as its morphologies, crystallization behavior, mechanical properties, and
electrical conductivity, were investigated. The effects of GNS addition on solution rheology and
conductivity were also investigated. GNSs were embedded in the fibers and formed protrusions.
The PTT cold crystallization rate of PTT/GNS composite fibers increased with the gradual addition
of GNSs. A PTT mesomorphic phase was formed during electrospinning, and GNSs could
induce the PTT mesomorphic phase significantly during PTT/GNS composite fiber electrospinning.
The PTT/GNS composite fiber mats (CFMs) became ductile with the addition of GNSs. The elastic
recoveries of the PTT/GNS CFMs with 170 ◦C annealing were better than those of the as-spun
PTT/GNS CFMs. Percolation scaling laws were applied to the magnitude of conductivity to reveal
the percolation network of electrospun PTT/GNS CFMs. The electrical conductivity mechanism of the
PTT/GNS CFMs differed from that of the PTT/GNS composite films. Results showed that the porous
structure of the PTT CFMs influenced the performance of the mats in terms of electrical conductivity.

Keywords: poly(trimethylene terephthalate); graphene; electrospinning; composite fiber; morphology;
crystallization; electrical conductivity; mechanical property; elastic recovery

1. Introduction

Graphene nanosheets (GNSs) that are several of nanometers thick and their related materials, such
as carbon nanotubes (CNTs), are promising functional nanofillers for advanced applications because
of their outstanding mechanical and electrical properties and large surface areas [1]. GNS-filled and
CNT-filled polymer composites can be used in high-conductivity applications, such as electrostatic
discharge devices [2], electromagnetic interference (EMI)-shielding materials [3,4], sensors [5], electrical
switching [6], ambipolar field-effect transistors [7,8], and electrodes [9]. Furthermore, polymer/GNS
composites are widely being explored because GNSs are affordable and effective alternatives to CNTs.

Electrospinning has attracted increasing attention in recent years as a method for fabricating
polymeric fibers. Electrospun fiber mats exhibit considerable potential in energy devices, filtration,
tissue engineering, and biosensors because of their high surface area-to-volume ratio, high porosity,
and diverse nanostructures [10]. Furthermore, electrospun fibers filled with GNS or CNT can
increase the functional properties of fibers for advanced applications. Su et al. [11] reported that
the uniaxially oriented electrospun polyethylene oxide (PEO)/CNT composite fiber mats (CFMs)
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have better tensile strength, modulus, and electrical conductivity than randomly oriented electrospun
PEO/CNT CFMs. Additionally, the crystallization rate and the perfection of PEO crystal in PEO/CNT
fibers can be affected owing to the high extensional force and the bending jet yielded during PEO/CNT
electrospinning. Kim et al. [12] found that although graphene oxide (GO) protrudes from the
electrospun polyacrylonitrile (PAN) fibers, the carbon composite fiber mats (CFMs) with GNS retain
good conductivity following PAN/GO fiber carbonization at 1000 ◦C. Li et al. [13] reported that
the a highly sensitive H2O2 biosensor could be prepared via the electrospun poly(vinyl alcohol)
(PVA)/GNS-decorated with silver nanoparticles CFMs. Jin et al. [14] reported that the electrospun
PAN/CNT-cobalt ferrite CFMs exhibits an EMI shielding efficiency (SE) value of approximately
3.9 dB. Furthermore, Li et al. [15] successfully developed a novel poly(methyl methacrylate)
(PMMA)/polyamide 6 (PA6)/GNS nanocomposite which was prepared from electrospun PA6/GNS
and PMMA CFMs through hot press molding. The mechanical properties of the PMMA/PA6/GNS
nanocomposites were significantly improved. Ramazani et al. [16] showed that the fiber diameter
of polycaprolactone (PCL)/GO CFMs decreases as GO content increases because the viscosity of
the PCL/GO solution decreases. GNS particles usually protrude when incorporated in electrospun
fibers because the lateral dimension of the former is usually larger than the diameter of the latter.
Therefore, GNS protrusions on electrospun composite fibers could be in contact with other substances.
In our previous work [17], PVA solutions filled with GNSs were prepared for electrospinning, and the
PVA/GNS CFMs showed good cell adhesion and proliferation, thereby suggesting their possible use
in tissue engineering. This phenonmenon caused by the GNS protrusions could help the proliferation
of cells. Gao et al. [18] showed that GNS could be anchored onto thermoplastic polyurethane (TPU)
fibers through the combination of electrospinning and ultrasonication. Moreover, the conductivity of
the TPU/GNS composite fibers significantly increased. However, limited information is available as to
the electrical conductivity (σ) and GNSs dispersion state of polymer/GNS CFMs from electrospinning
polymer solutions with various amounts of GNSs, especially with extra high GNS loading. Therefore,
the novel composite fibers filled with GNS can be used in the development of functional objects for
various of flexible applications, ranging from electrical sensors to tissue engineering.

The electrical property of composites filled with GNSs depends on the microstructural properties,
such as GNS dispersion state, GNS–GNS interaction, and polymer–GNS interaction. The percolation
scaling law is usually used as a theoretical basis for evaluating the microstructure of composites filled
with fillers. The percolation equation is typically expressed as P ~ (φ − φc)β [19,20], where P is the
asymptotic behavior of a material property, φ is the filler volume fraction, β is the critical scaling
exponent, and φc is the fraction threshold. A filler network is formed that is higher than φc, based on our
previous study [21] where the percolated filler–filler network in composites in which the percolation
exponent and threshold change was correlated with the filler geometric structure. Mazinani et al. [22]
reported a polystyrene (PS) composite fiber filled with different contents and types of CNT. In addition,
the σ of the electrospun PS/multi-walled CNT (MWCNT) CFMs was fitted using the percolation theory.
Chien et al. [23] also demonstrated that the σ of the electrospun poly(D,L-lactic acid) (PDLLA)/carbon
nanocapsule (CNC) CFMs could fit using the percolation theory. Sreeprasad et al. [5] demonstrated that
polyallylamine hydrochloride (PAH) microfibers could be spun from a 40% PAH solution. The as-spun
PAH fibers were immersed in a graphene quantum dot (GQD) solution and the covalently anchored
GQDs on the PAH fibers were obtained to produce a percolating network to exhibit electron-tunneling
transport for humidity and pressure sensor applications. However, to the best of our knowledge,
the electrical percolation results of the electrospun polymer/GNS CFMs have not yet been reported.

Poly(trimethylene terephthalate) (PTT), a semi-crystalline thermoplastic polymer, is a member of
the polyester family with an odd number of methylene groups. PTT possesses a faster crystallization
rate and lower melting temperature than poly(ethylene terephthalate) (PET). Moreover, the PTT
fiber also possess a high elastic recovery even at a high elongation of 20% [24]. Using PTT for
an electrically conductive application has an advantage over that of other thermoplastic polymers,
such as thermoplastic polyurethanes, because of its low water absorption, dimensional stability,
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better mechanical strength, and chemical resistance of the former [25–27]. PTT composites filled with
nanofillers show enhanced properties and performance. Gupta et al. [28] demonstrated that PTT
composites filled with 5 wt % MWCNT has an EMI SE value of approximately 20 dB. We previously
reported that the PTT crystallization rate increases as GNSs are gradually added [29]. Meanwhile,
in the case wherein liquid nitrogen was used to quench the melt, a PTT mesomorphic phase was
formed despite the extremely short crystallization time with high GNS loading. The cold crystallization
of the PTT composites was retarded by the GNSs. Moreover, the percolation exponent and threshold
of the PTT/GNS composites are larger than those of the PTT/CNT composites [21]. In the electrospun
PTT/CNT composite fibers, the aspect ratio and functionalized group of CNT affects the morphology
of the resulting fibers [30]. However, the σ, morphologies, crystallization behavior, and mechanical
properties of PTT/GNS composite fibers were poorly described, especially the elastic recovery of the
electrospun PTT/GNS CFMs.

Khil et al. [31] reported that electrospun PTT fibers with diameters from 200–600 nm could
be obtained via electrospinning with a trifluoroacetic acid (TFA)-methylene chloride co-solvent.
Wang et al. [32–34] showed that electrospun PET, PTT, and polybutylene terephthalate could be
prepared from a TFA solvent. Polyesters are soluble in strong polar solvents, such as TFA. However,
TFA is not a good dispersion medium for GNSs. Therefore, determining the appropriate GNS
dispersion in electrospun fibers remains a challenge. First, GNSs should demonstrate good dispersion
in a semidilute polymer solution. Common processing routes for mixing polymers and fillers, such
as melt compounding [35] and coagulation [36,37], were reported as a means to incorporate fillers
into thermoplastic polymer matrices. Nevertheless, GNSs easily aggregate in polymer solutions
with high GNS contents due to the van der Waals forces of attraction. Wu et al. [30] reported that
PTT/CNT composites could be prepared via melt compounding for electrospinning. Moreover, PTT
composites filled with GNS could be prepared through coagulation by using ortho-dichlorobenzene
(o-DCB)-phenol as a solvent to obtain low electrical percolation thresholds of 0.53 and 0.84 vol % in
GNS with different aspect ratios [21,29]. Coagulation should work better than melt compounding for
GNS to be well dispersed and incorporated in thermoplastic polymer matrices because the low solution
viscosity improves the polymer chain diffusion into the GNS interstices. Thus, fillers are dispersed
in a polymer matrix to form composite powders, and the composite powders are re-dissolved in a
solvent to obtain a well-dispersed polymer/filler solution. This method may be an appropriate route
for preparing polyester/GNS solutions for electrospinning.

Although many achievements have been reported in this area, the polymer chain conformations
and crystal structures in semicrystalline polymer/GNS composite nanofibers are incompletely known.
Thus, understanding how GNS contents interact with electrospun composite fibers and how the
functional properties of the fibers can be controlled for advanced applications, such as mechanical
and electrical applications is of great interest. In this study, PTT composite powders filled with
well-dispersed GNSs were prepared via coagulation, and the composite powders were re-dissolved in
a TFA solvent to obtain a well-dispersed PTT/GNS solution. To clarify the electrified jet manipulation
for producing PTT composite fibers filled with GNS, systematically studying the effects of GNS
on solution properties and the electrospinning process is necessary. Thus, the rheological and
conductive properties of the prepared PTT/GNS solution were measured and correlated with the
electrospinnability characteristics of the solution. The morphologies of GNS assemblies in the PTT
fiber with extra high GNS loadings were also investigated. GNSs formed protrusions on the PTT/GNS
composite fibers, and these protrusions helped the formation of the GNS–GNS network in the
PTT/GNS CFMs. The influence of GNS loading on the cold crystallization of PTT/GNS CFMs
was analyzed via differential scanning calorimetry (DSC), Fourier transform infrared spectroscopy
(FTIR), and wide-angle X-ray diffraction (WAXD). GNSs could induce the PTT mesomorphic phase
in PTT/GNS composite fibers significantly during PTT/GNS electrospinning. Moreover, the σ, cold
crystallization behavior, and mechanical properties of the PTT/GNS CFMs were studied to reveal
the GNS dispersion state, GNS–GNS network, and microstructure in the electrospun PTT composite
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fibers. The advantages for incorporation of GNS in the electrospun PTT fibers increased the electrical
conductivity and ductility of the PTT/GNS CFMs.

2. Materials and Methods

2.1. Materials and Composite Preparation

PTT was purchased from DuPont Co. (Wilmington, DE, USA), and the viscosity-average molecular
weight of PTT was determined to be 53,100 g/mol [29]. o-DCB was purchased from Acros Organics
(Morris Plains, NJ, USA). Phenol was purchased from Showa Chemical Co. (Tokyo, Japan). GNSs were
purchased from Enerage Inc. (P-LF10, Yilan, Taiwan), which were prepared via thermal reduction of
GO at 1500 ◦C. According to the manufacturer, the average thickness of the GNS was 3 nm. The PTT
and GNSs had densities of 1.28 and 2.20 g/cm3 [21], respectively. The GNSs were added to the
o-DCB-phenol (1:1, v/v) solvent, after which ultrasonic treatment was performed for 6 h. Weighed
PTT pellets were then added. Afterward, the mixture, with a 1% (w/v) solid content was stirred at
140 ◦C to dissolve the PTT pellets. The uniform suspension solution was precipitated dropwise into a
20-fold excess volume of methanol. The precipitated powders were continuously dried in a vacuum
oven at 120 ◦C for 72 h until the residual solvent was removed. Note that the absence of any o-DCB
absorbance peaks at 662 cm−1 of the FTIR spectra, which were assigned to C–Cl stretching vibration,
and phenol peaks at 810, 1160, and 3421 cm−1, which were attributed to the asymmetric stretch of
phenolic C–C–OH, C–O, and O–H stretching vibration, respectively, indicated the complete removal
of residual solvent [21].

2.2. Poly(trimethylene terephthalate)/Graphene Nanosheet (PTT/GNS) Solution Preparation and Properties

To prepare a homogenous PTT/GNS solution with varying GNS amounts (based on the PTT
polymer), pre-weighed PTT powders were added to a TFA solvent and vigorously stirred for several
hours. A PTT solution (14 wt %) was used to monitor the effect of carbon nanofillers on the morphology
of the as-spun fibers. A PTT solution (14 wt %) filled with different amounts of GNSs (based on the
weight of the PTT polymer) was then obtained [17]. In the present study, the samples were designated
according to their polymer-to-filler weight ratios, for example, 99/1. The corresponding volume
fraction φ was obtained from the respective densities of the applied components. The solution
conductivity properties (κ) were measured at 25 ◦C using a Consort conductivity meter (C832, Consort,
Turnhout, Belgium). The viscosities of the solutions were measured using a viscometer (DV-II+Pro,
spindle 18, and cup 13R, AMETEK Brookfield, Middleboro, MA, USA) at 25 ◦C. The viscoelastic
pr−operties of the solutions filled with GNSs were measured in a strain-controlled rheometer (DHR-1,
TA Instruments, New Castle, DE, USA) using a flat plate feature with a 60 mm diameter at 25 ◦C.

2.3. Electrospinning Process

The prepared solutions were subjected to room temperature electrospinning, wherein the nozzle
size was Di/D0/length = 0.69 mm/1.09 mm/4 cm, and Di and D0 denoted the inner and outer nozzle
diameters, respectively. The prepared solutions were delivered by a syringe pump (Cole–Parmer,
Vernon Hills, IL, USA) to the nozzle at a controlled flow rate (Q). A high electrical voltage (V) was
applied to the spinneret using a high-voltage source (MECC, HVU-40P100, Fukuoka, Japan) to provide
a sufficient electric field for electrospinning. To construct a needle-to-plate electrode configuration,
an aluminum board (30 × 30 cm2) was used as the collector for the electrospun fibers at a fixed
tip-to-collector distance (H) of 14 cm. A summary of the different carbon nanofillers and concentrations
studied here and the resulting fiber morphologies is shown in Table 1.
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Table 1. Summary of composite fibers obtained and the resulting fibers morphologies.

Poly(trimethylene terephthalate)
(PTT) Concentration (wt %)

Graphene Nanosheet (GNS)
Concentration (wt %) Fiber Morphology

7, 8 - Beads on fiber
9, 11, 12, 14 - Smooth fiber with nanofibril

14 1, 3, 5, 7 Irregular fiber structure with nanofibril; irregular
fiber structure depend on GNS concentrations

11 10, 12 Irregular fiber structure with nanofibril; irregular
fiber structure size depend on GNS concentrations

9 14 Irregular fiber structure with nanofibril and big GNS
aggregation particles

7 16 Irregular fiber structure with nanofibril and big GNS
aggregation particles

2.4. Morphology and Characterization of Fibers

The morphology of the fibers was observed using a scanning electron microscope (SEM, Hitachi
S4100, Krefeld, Germany). Fiber diameters were measured from a collection of approximately 200
fibers, from which the average diameter (df) was determined. A transmission electron microscope
(TEM, Jeol JEM-1200EX, Peabody, MA, USA) was used to determine the locations of the carbon
nanofiller particles within the fibers. These PTT/GNS CFMs were subsequently evaluated on the basis
of thermo-gravimetric analysis (Figure S1). There was no significant weight loss before degradation.
Thus, no residual solvent was detected in the PTT/GNS CFMs. FTIR measurements were performed
using a Perkin-Elmer FTIR spectrometer (Spectrum Two, Waltham, MA, USA) equipped with a Mettler
heating stage (HT82) for temperature control. A total of 32 scans with a 2 cm−1 resolution were obtained
for each spectrum with a holding time of 8 min. The wide-angle X-ray diffraction (WAXD) intensity
profiles of the PTT/GNS CFMs were obtained using a Bruker diffractometer (NanoSTAR Universal
System, Cu Kα radiation, Billerica, MA, USA). In-situ intensity profiles of samples during heating were
obtained using a vacuum-assisted heating device. The heating process was realized by a stepwise
increase of temperature with a holding time of 20 min each for data acquisition. The crystallization and
melting behavior of the PTT/GNS CFMs was investigated using a TA differential scanning calorimetry
(DSC) Q20 under a nitrogen atmosphere. The samples were heated to 270 ◦C at a rate of 10 ◦C/min.

The PTT/GNS composite films were prepared by hot pressing the PTT/GNS CFMs into
rectangular steel molds (with a thickness of 0.3 mm) at 280 ◦C for 3 min, followed by air cooling to
room temperature. Measurements for the samples with high σ (>10−6 S/cm) were performed using
a Keithley 2400 Source Meter (Solon, OH, USA). A standard four-probe technique with an applied
voltage of 1–20 V was applied to reduce the effects of contact resistance. A Keithley 6487 electrometer
(Solon, OH, USA) equipped with a Keithley 8009 resistivity fixture was used for the samples with low
σ (<10−6 S/cm) based on the ASTM D257 standard. The applied voltage for the sample with low σ

was between 100–500 V.
The mechanical properties of the as-spun PTT/GNS CFMs with and without annealing were

obtained through tensile strength testing. During annealing, the PTT/GNS CFMs were heated up to
170 ◦C for 30 min in a vacuum and without any stretching. For example, a sample of PTT/GNS 99/1
CFMs with 170 ◦C annealing is denoted as 99/1@170. The mechanical properties of the PTT/GNS
CFMs were obtained from the stress-strain curve using a universal tensile testing machine (HT-2402,
Hung Ta Intsrument Co., Taichung, Taiwan) at a stretching rate of 10 mm/min. Specimens with a
dog-bone shape were prepared using a sharp cutter. The mean thickness of each sample was ~50 µm.
The gauge length and sample width were 15 and 4 mm respectively. The reported data of mechanical
properties represent the average results of the five tests. The sample is drawn 10 mm/min to 20%
of its initial gauge length. Thereafter, the tensile load was removed immediately, and the crosshead
was allowed to returned to its original position with the same crosshead speed. These measurement
protocols were repeated five times. The elastic recovery for the first and five stretch cycle was used in
the following equation [24]:

101



Polymers 2019, 11, 164

elastic recovery =
Lo − L

Lo
× 100% (1)

where Lo is the original length of the filament and L is the irreversible length of the filament after the
crosshead it was returned to its original position.

3. Results and Discussion

3.1. Effect of Carbon Nanofillers on Solution Properties

In general, obtaining bead-free fibers is closely correlated to a polymer’s solution concentration
and molecular weight. However, solvent volatility affects the electrospun fiber morphology.
Khil et al. [31] demonstrated that smooth PTT fibers could be electrospun via a 13 wt %
PTT/TFA-methylene chloride (MC) solution (TFA-MC 1:1, v/v). Wu et al. [30] showed electrospun
PTT fibers using different ratios of TFA/MC solvent. As the MC content decreased, a coalescent
fiber structure was observed because of the reduced volatile MC content. Wang et al. [32] reported
that a smooth PTT fiber could be electrospun using neat PTT/TFA solution. Therefore, TFA is
an excellent solvent in polyester electrospinning for producing fine diameters. Based on the method
by McKee et al. [38], a log–log plot of the solution’s specific viscosity (ηsp) versus the volume fraction
(φPTT/TFA) was constructed to determine the Ce (obtaining a semidilute solution regime with entangled
PTT chains) for the present PTT/TFA solutions. Figure 1 shows the plots of the ηsp versus the volume
percentages of the investigated PTT solutions. The ηsp of the PTT/TFA solution increased with the
increased PTT content. The rapid viscosity increase at 9.44 vol % (8 wt %) suggests that Ce occurred
approximately at this concentration, and ηsp and the volume percentage of the PTT/TFA solution had
a constant slope of 3.93 above this concentration. The determined exponent is consistent with the
theoretical prediction for entangled solutions in a good solvent (~3.9). The overlapping concentration
C* of 0.91 vol % was determined by 1/[η]. Therefore, the Ce/C* ratio is ~10.4, which is in agreement
with that reported ratio for polymers dissolved in good solvents. Moreover, the measured κ for the
neat TFA solvent is 1.26 µS/cm. A PTT concentration increase to 14 wt % results in slight increase of
the κ for 14 wt % PTT/TFA solution to 8.31 µS/cm.Polymers 2018, 10, x FOR PEER REVIEW  7 of 24 

 

 

Figure 1. Concentration dependence of the specific viscosity of the PTT solutions. 

Figure S2 shows the SEM images of the PTT fiber products collected from the electrospinning of 
the PTT solutions with different concentrations. The minimum concentration required for the PTT 
solutions to produce bead-free fibers is 9 wt %. PTT solutions with concentrations higher than 9 wt 
% possess a stretchable PTT chain network that prevents network fracture during electrospinning, 
thereby yielding bead-free fibers. In general, electrospinning eventually degenerates to 
electrospraying in solutions with a concentration lower than the entanglement concentration (Ce). To 
produce uniform fibers via electrospinning, the solution concentration should be as high as 1.8~2.5 
Ce [38,39]. McKee et al. [38] reported that the minimum solution concentration required to electrospin 
bead-free fibers is 2.0~2.5 Ce for a PET copolymer/chloroform-dimethylformamide solution. 
However, for the present PTT/TFA solution, the minimum concentration required to obtain smooth 
fibers is 9 wt %, which is similar to the Ce of 9 wt %. This result revealed that the minimum 
concentration for producing smooth PTT fibers is approximately 1.0 Ce, which could be attributed to 
the high TFA volatility. Wang et al. [32,33] reported similar results. Therefore, we selected 14 wt % 
PTT solution (~1.5 Ce) filled with different amounts of GNS to ensure a completely stable fiber 
formation during electrospinning and to prevent non-smooth fiber morphologies of PTT/GNS 
composite fibers. Non-smooth morphologies were identified as bead fibers resulting from the weak 
network of a PTT solution. 

Figure 2 shows the structures of the deposited GNS on the TEM grid prepared from the o-DCB 
solution. GNSs were transparent with folding and wrinkling. In the TEM observation in our previous 
study [21], the number-average long and short axis lengths of GNS were 1.67 ± 1.48 and 0.65 ± 0.49 
μm, respectively. Moreover, the number-average minimum thickness of GNS based on atomic force 
microscopy (AFM) measurements was 6.5 nm. Numerous studies have incorporated GNSs into 
polyester via melt compounding; however, fully penetrating the GNS interstices is difficult for the 
polymer chains of matrices. Based on the above PTT/TFA solution results, TFA is a good solvent for 
a PTT polymer. Therefore, the PTT/GNS composite powders were prepared via coagulation. 
Consequently, the PTT/GNS composite powders were re-dissolved in the TFA solvent to prepare the 
PTT/TFA solution with different amounts of GNS for electrospinning. 

Figure 1. Concentration dependence of the specific viscosity of the PTT solutions.

Figure S2 shows the SEM images of the PTT fiber products collected from the electrospinning of the
PTT solutions with different concentrations. The minimum concentration required for the PTT solutions
to produce bead-free fibers is 9 wt %. PTT solutions with concentrations higher than 9 wt % possess a
stretchable PTT chain network that prevents network fracture during electrospinning, thereby yielding
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bead-free fibers. In general, electrospinning eventually degenerates to electrospraying in solutions
with a concentration lower than the entanglement concentration (Ce). To produce uniform fibers via
electrospinning, the solution concentration should be as high as 1.8~2.5 Ce [38,39]. McKee et al. [38]
reported that the minimum solution concentration required to electrospin bead-free fibers is 2.0~2.5 Ce

for a PET copolymer/chloroform-dimethylformamide solution. However, for the present PTT/TFA
solution, the minimum concentration required to obtain smooth fibers is 9 wt %, which is similar to the
Ce of 9 wt %. This result revealed that the minimum concentration for producing smooth PTT fibers is
approximately 1.0 Ce, which could be attributed to the high TFA volatility. Wang et al. [32,33] reported
similar results. Therefore, we selected 14 wt % PTT solution (~1.5 Ce) filled with different amounts of
GNS to ensure a completely stable fiber formation during electrospinning and to prevent non-smooth
fiber morphologies of PTT/GNS composite fibers. Non-smooth morphologies were identified as bead
fibers resulting from the weak network of a PTT solution.

Figure 2 shows the structures of the deposited GNS on the TEM grid prepared from the o-DCB
solution. GNSs were transparent with folding and wrinkling. In the TEM observation in our previous
study [21], the number-average long and short axis lengths of GNS were 1.67± 1.48 and 0.65± 0.49 µm,
respectively. Moreover, the number-average minimum thickness of GNS based on atomic force
microscopy (AFM) measurements was 6.5 nm. Numerous studies have incorporated GNSs into
polyester via melt compounding; however, fully penetrating the GNS interstices is difficult for the
polymer chains of matrices. Based on the above PTT/TFA solution results, TFA is a good solvent
for a PTT polymer. Therefore, the PTT/GNS composite powders were prepared via coagulation.
Consequently, the PTT/GNS composite powders were re-dissolved in the TFA solvent to prepare the
PTT/TFA solution with different amounts of GNS for electrospinning.Polymers 2018, 10, x FOR PEER REVIEW  8 of 24 
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Figure 2. Transmission electron microscope (TEM) images of GNS the deposited GNS on the TEM grid
prepared from the ortho-dichlorobenzene (o-DCB) solution.

A 14 wt % PTT solution filled with various amounts of GNS can be used to obtain PTT/GNS
composite fibers via electrospinning. However, the polymer or polymer solution filled with carbon
nanofillers could form nanofiller-nanofiller networks [23,40,41]. Thus, to determine the GNS–GNS
network effect of GNS addition on a PTT solution, viscoelastic measurements of the 14 wt % PTT
solutions filled with 1–7 wt % GNS were conducted. Figure 2a,b show the G′ and G′ ′, respectively, of the
14 wt % PTT solutions filled with different GNS amounts. A slight GNS addition of 1 wt % did not
change the G′ in the low frequency region. When the GNS contents were increased to 3 wt %, the slope
in the low frequency region was reduced and a small plateau was observed; however, the increase
in GNS content had no effect in the high frequency region. For the PTT solution filled with 5 wt %
GNS, a two-order increase of G′ in the low frequency region was observed and eventually shifted the
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whole curve upward. The large plateau increase at the low frequency region indicated a GNS–GNS
network formation in the entangled polymer chain network. A mild increase in G′ ′ was observed
with the corresponding GNS addition. This finding suggests an increased elasticity of the solution.
The rheological properties of the GNS-filled PTT solutions were significantly changed; therefore, their
influence on electrospinnability deserves further discussion.
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Figure 3. Effect of GNS content on the viscoelastic properties of PTT solutions: (a) dynamic
storage modulus G′, (b) dynamic loss modulus G′ ′, and (c) complex viscosity η* at 25 ◦C. The PTT/
trifluoroacetic acid (TFA) concentration is 14 wt %.
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Figure 3c shows the complex viscosity (η*) of the PTT solutions filled with different GNS amounts
at 25 ◦C. Newtonian flow behavior occurred in the neat PTT solution during measurement frequencies,
and the value of the zero-shear viscosity (ηo) curves reached 0.88 Pa-S. The η* value was unchanged
when 1 wt % GNS was added to the solution. When the GNS content was increased to 5 wt %,
Newtonian flow behavior occurred at low frequencies, but the behavior became non-Newtonian at
frequencies higher than 0.75 rad/s. The η* of the PTT solution with 7 wt % GNS was significantly
increased, and ηo reached 2.57 Pa-S. Ramazani et al. [16] examined the viscosity of a PCL/GO solution
and concluded that η* decreases as the GO content increases due to the induced free volume around
the GO nanosheets. Our viscosity result showed that η* increased as the GNS content increased in
the PTT/GNS solution, which indicates the formation of a GNS–GNS network, and the absence of a
free volume effect around the GNS. Figure S3 shows the conductivity of the PTT solution filled with
GNS. GNSs are conductive fillers; therefore, adding GNS into PTT solutions significantly improves
the κ values. After adding 7 wt % GNS to the PTT solution, the κ reached 151.1 µS/cm, which is
significantly higher (18-fold) than that of the neat PTT solution. This result indicates that adding GNS
to PTT solutions could significantly increase the PTT solution conductivity. Thus, the addition of GNS
increased the viscosity and conductivity of the PTT solution, and a GNS–GNS network was formed in
the 14 wt % PTT solution filled with 5 wt % GNS.

3.2. Effect of GNS Concentration on Electrospinning and As-Spun Fiber Morphology

Figure 4 shows the functioning domain for electrospinning a 14 wt % PTT solution with various
GNS contents. Functioning domains [23,42,43] are defined as the operating windows of applied voltage
and Q required for a stable cone-jet mode. The lower- and upper-bound applied voltages are denoted
as Vs and Vus, respectively. An H of 14 cm was used given the volatility of the TFA solvent. At a given
Q, the operating windows (Vus − Vs) were higher for the PTT solution filled with GNS content than
those for the neat PTT solution. Moreover, increasing the GNS content increased the operating window
at a given Q. Based on the functioning domain for electrospinning PTT/GNS solutions (Figure 4),
a common but limited processing window does exist to determine the GNS effect. Therefore, Q and V
were determined to be 0.3 mL/h and 11 kV, respectively, in electrospinning the PTT/GNS solution to
demonstrate the GNS effects on fiber diameter.
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To determine the effect of GNS additions on fiber morphology and diameter, 14 wt % PTT
solutions filled with 1–7 wt % GNSs were electrospun and compared. Figure 5 shows the SEM images
of the fibers collected from electrospinning 14 wt % PTT solutions with various GNS amounts with the
following conditions: Q = 0.3 mL/h, H = 14 cm, and V = 11 kV. The thick arrows indicate the GNS
positions. Based on the SEM micrographs shown in Figure 5, the PTT composite fibers became less
smooth and formed an increasingly irregular structure along the fiber as the amount of GNS increased.
At 5 wt % GNS content, the PTT/GNS composite fibers with nanofibrils became observable. The thin
arrows indicate the positions of the nanofibril whose diameters are 10–30 nm.
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Figure 5. Scanning electron microscope (SEM) and TEM images of electrospun PTT fibers filled with:
(a,b) 1 wt %, (c,d) 3 wt %, (e,f) 5 wt %, and (g,h) 7 wt % GNS. The positions of GNSs and nanofibrils
are indicated by the thick and thin arrows, respectively.
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The TEM images in Figure 5 show that GNSs are identifiable and that they are embedded in
the PTT fibers. The lateral dimension of GNS was larger than the diameter of the electrospun PTT
fibers, and the GNS particles protruded from the smooth PTT fiber. At an increased GNS content in
the PTT solution, numerous GNS protrusions were observed on the fiber surface, with some GNS
appearing curly in the PTT/GNS composite fibers. The GNS protrusions could help the formation
of the GNS–GNS network in the PTT/GNS CFMs. The details of this observation will be discussed
later. At 7 wt % GNS content, GNSs became distinctly distributed in the PTT fiber (Figure 5h), and the
inter-GNS distance decreased (LGNS).

The PTT/GNS composite fiber diameters were measured from a collection of over 200 fibers
under the same electrospinning conditions (Q = 0.3 mL/h, H = 14 cm, and V = 11 kV). For a neat
PTT fiber, the measured df was 256 ± 92 nm. At 1 wt % GNS content, the df of the PTT/GNS 99/1
fiber decreased significantly to 141 ± 28 nm. When the GNS content reached 3 wt %, the df of the
PTT/GNS 97/3 fiber increased to 310 ± 116 nm. Furthermore, when the GNS content was increased
to 5 and 7 wt %, the df of the PTT/GNS 95/5 and 93/7 fibers slightly increased to 359 ± 133 and
364 ± 114 nm, respectively. The df of the PTT/GNS fiber initially decreased and then increased as
the GNS content increased. The nanofibrils in the PTT/GNS CFMs increased the standard deviation
of df. In electrospinning, solution viscosity and conductivity are important factors for determining
the df of electrospun fibers. In previous studies [44,45], df was shown to decrease with a decreasing
solution viscosity and increasing solution conductivity. Based on the results shown in Figure S3,
the conductivity of the PTT/GNS solutions increased as the GNS content increased. High solution
conductivity mainly causes the decrease in the df of PTT/GNS composite fibers because it increases the
electrostatic force, thereby stretching it during electrospinning. Based on the results shown in Figure 2c,
the solution viscosity of the PTT/GNS solution filled with 1 wt % GNS was almost the same as that
of the neat PTT solution. However, the conductivity of the PTT/GNS solutions filled with 1 wt %
GNS was increase significantly, which resulted in the higher stretched forced in an electrostatic field.
This phenomenon resulted in a decrease in the df of the PTT/GNS 99/1 composite fiber. When the GNS
content exceeded 3 wt %, the solution viscosity of the PTT/GNS solution increased, which resulted in
the higher flow retardation during electrospinning. This phenomenon resulted in an increase in the df
of the PTT/GNS composite fiber when the GNS content was further increased. Therefore, the initial
change in df was attributed to a greater increase in solution conductivity than in solution viscosity,
whereas the final change in df was attributed to a greater increase in solution viscosity than in solution
conductivity. This finding is in agreement with PET/CNT [46], PDLLA/CNC [23], and PVA/GNS [17]
composite fibers.

The increased GNS content to 10 wt % in the 14 wt % PTT solution results in the viscosity of
PTT/GNS solution to become too high to manipulate a stable cone-jet mode. Eventually, the PTT/GNS
solution was dried at the nozzle end during electrospinning. Non-Newtonian flow behavior occurred
for the 14 wt % PTT solution filled with 10 wt % GNS during the measurement of the shear rate, and η

reached 11.52 Pa-S at 8.4 1/s (Figure S4). Therefore, the PTT solution with high GNS content must
acquire a lower solution viscosity to improve the PTT/GNS solution fluidity for the stable manipulation
of the electrified jet. When the PTT content was decreased to 11 wt % in the PTT/GNS/TFA solution,
non-Newtonian flow behavior still occurred during measurement of the shear rate, and η became
1/3-fold lower at 8.4 1/s (Figure S4). The η value of the 11 wt % PTT/GNS 90/10 solution was in
the same order as that of the 7 wt % PTT/GNS 93/7 solution. Thus, reducing the PTT content in
a PTT/GNS solution was found to be a good route to manipulate the stable cone-jet mode when
PTT/GNS composite fibers are electrospun for high GNS content. We selected an 11 wt % PTT
solution filled with 10 and 12 wt % GNS, a 9 wt % PTT solution filled with 14 wt % GNS, and a
7 wt % PTT solution filled with 16 wt % GNS to ensure a completely stable cone-jet formation during
electrospinning (Table 1).

Figure S5 shows the SEM and TEM images of the fiber collected from electrospinning the 11 wt %
PTT solutions with 10 and 12 wt % GNS, the 9 wt % PTT solution filled with 14 wt % GNS, and the
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7 wt % PTT solution filled with 16 wt % GNS. The irregular PTT composite fiber structure increased
in size along the fiber. When the GNS content in the PTT solution exceeded 12 wt %, the GNS
protrusion size on the electrospun fiber increased. GNS aggregation particles higher than 10 µm
were observable for the PTT/GNS 86/14 and 84/16 fibers. Moreover, the nanowebs composed of
nanofibrils could be observed from the electrospun PTT/GNS composite fibers, such as PTT/GNS
88/12 fibers (Figure S5c) (the dashed circles indicate the nanowebs). The TEM images (Figure S5f,h)
show that the GNS aggregation particles are identifiable. When the GNS content in the PTT fiber was
increased to 12 wt %, the GNS aggregation particles exceeded 2 µm and started darkening. Moreover,
when the GNS content in the PTT fiber exceeded 12 wt %, the GNS aggregation particles darkened
and increased in size. This observation indicates that the electrons could not pass through the GNS
aggregation particles because the GNS aggregation particles were too thick. This result revealed
that the GNS was layered in the PTT fiber. The GNS dispersed well in the PTT composite powders;
however, the prepared PTT/GNS solution with extremely high GNS content still could not prevent
GNS aggregation due to the GNS–GNS interaction at a high GNS content. The formation of PTT
nanofibril is interesting. One of the hypotheses for nanofibril formation could be attributed to the fast
phase separation of charged droplets generated during electrospinning [47]. However, this issue is
beyond the scope of this study and deserves future work.

Based on the SEM and TEM images of the PTT/GNS composite fibers, four modes of arrangements
for the GNSs in the PTT fiber were assumed upon increasing the GNSs (Figure 6). First, PTT fibers
filled with 1–3 wt % GNS content were individually dispersed in the PTT fiber at intervals. Second,
for the PTT fibers filled with 5–10 wt % GNS content, the GNSs were close together in the PTT fiber.
Third, for PTT fibers filled with 12 wt % GNS content, some parts of the GNS overlapped in the PTT
fibers. Fourth, for PTT fibers filled with 14–16 wt % GNS content, the GNS was layered in the PTT
fibers. As the GNS content increased, the arrangement changed from the first arrangement to the
fourth. The GNS–GNS network was apparently not formed along the PTT/GNS fiber. Therefore,
the GNSs in the composite fibers were arranged differently from those in the composites, which was
proposed by Zhao et al. [48].
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structure, was not observed in the as-spun PTT/GNS composite fibers. According to our previous 
studies [29], the WAXD intensity profiles of the amorphous PTT showed a halo at 2θ = 20.3° and full 
width at half-maximum=10.8 and the characteristic diffraction peaks of the PTT crystals should be 
observed at 2θ of 15.3°, 16.8°, 19.4°, 21.8°, 23.6°, 24.6°, and 27.3° for the PTT samples. However, the 
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PTT/GNS composites cold crystallization [29,49]. Therefore, the mesomorphic phase was formed 

Figure 6. Schematic models of various dispersion types of GNSs in PTT fiber: (1) GNSs are individually
dispersed in the PTT fiber at intervals. (2) GNSs are close together in the PTT fiber. (3) Some parts of the
GNSs overlap with one another in the PTT fiber. LGNS indicates the inter-GNS distance assemblies in
the PTT composite fiber. (4) The GNS are layered in the PTT fiber. When the GNS content is increased,
the resulting dispersion form gradually changes.
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3.3. Cold Crystallization of Electrospun PTT/GNS Composite Fibers

Figure 7a shows the WAXD intensity profiles of the as-spun PTT/GNS composite fiber samples.
Notably, the diffraction peak at 26◦, which was associated with the d-spacing of the graphitic structure,
was not observed in the as-spun PTT/GNS composite fibers. According to our previous studies [29],
the WAXD intensity profiles of the amorphous PTT showed a halo at 2θ = 20.3◦ and full width at
half-maximum=10.8 and the characteristic diffraction peaks of the PTT crystals should be observed
at 2θ of 15.3◦, 16.8◦, 19.4◦, 21.8◦, 23.6◦, 24.6◦, and 27.3◦ for the PTT samples. However, the WAXD
intensity profiles of the as-spun neat PTT fibers showed the diffraction humps at 15◦–18◦ and 22◦–27◦.
This outcome was in contrast to the behavior of the PTT amorphous characteristics. The order structure
is associated with the mesomorphic phase, which ws reported for neat PTT and PTT/GNS composites
cold crystallization [29,49]. Therefore, the mesomorphic phase was formed during PTT electrospinning.
Furthermore, when the GNS content was increased to 3 wt %, the three diffraction peaks of 16.4◦, 20.0◦,
and 24.0◦ were observed at 2θ. The mesomorphic phase was significant during the PTT electrospinning
process after the addition of GNS. Thus, GNSs can help to induce the order structure formation
of the PTT chains. Given such results, the changes in GNS-filled PTT chain conformation in fiber
morphologies during the subsequent cold crystallization should be further analyzed.
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determined from the mid-point of the heat capacity jump, whereas the peak temperature of the cold 
crystallization was denoted as Tc. Crystallization enthalpy, which was determined from the integral 
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the Tg of PTT/GNS 100/0, 99/1, and 97/3 fibers are 40.4, 43.4, and 39.3 °C, respectively. Tg remained 
unchanged at approximately 41.0 °C with increased GNS content. Tc slightly shifted to a low 
temperature with increased GNS content. When the GNS content increased to 5 wt %, the exothermic 
peak of the PTT cold crystallization could not be clearly observed. The normalized ΔHc decreased 
with increased GNS content because some mesomorphic phases already developed in the as-spun 
PTT/GNS composite fibers prior to heating. Moreover, the melting temperature of the cold-
crystallized PTT/GNS composite fibers was relatively unchanged, as shown in Figure 7b. 
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Figure 8 shows the FTIR spectra of the neat PTT and PTT/GNS 99/1 composite fibers during 
stepwise heating to 225 °C. According to literature [50,51], the absorbance bands at 875 and 870 cm−1 
are associated with the B3u–CH out-of-plane bending of phenylene rings in the amorphous and 

Figure 7. (a) Wide-angle X-ray diffraction (WAXD) intensity profiles of the as-spun PTT/GNS
composite fibers, and (b) differential scanning calorimetry (DSC) heating traces of the as-spun
PTT/GNS composite fibers.

Figure 7b shows the DSC heating traces of the as-spun PTT/GNS composite fibers. Tg was
determined from the mid-point of the heat capacity jump, whereas the peak temperature of the cold
crystallization was denoted as Tc. Crystallization enthalpy, which was determined from the integral
area of the exotherm, was represented by ∆Hc. To represent the crystallizability of the PTT fiber in
the presence of GNSs, ∆Hc was normalized with the PTT content. The data listed in Table 2 show
that the Tg of PTT/GNS 100/0, 99/1, and 97/3 fibers are 40.4, 43.4, and 39.3 ◦C, respectively. Tg

remained unchanged at approximately 41.0 ◦C with increased GNS content. Tc slightly shifted to a low
temperature with increased GNS content. When the GNS content increased to 5 wt %, the exothermic
peak of the PTT cold crystallization could not be clearly observed. The normalized ∆Hc decreased
with increased GNS content because some mesomorphic phases already developed in the as-spun
PTT/GNS composite fibers prior to heating. Moreover, the melting temperature of the cold-crystallized
PTT/GNS composite fibers was relatively unchanged, as shown in Figure 7b.
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Table 2. Thermal properties of the as-spun PTT/GNS composite fibers.

PTT/GNS fibers Tg (◦C) Tc (◦C) ∆Hc (J/g) Tm (◦C) ∆Hm (J/g)

100/0 40.4 59.4 10.1 227.4 66.21
99/1 43.4 59.7 9.9 227.9 41.20
97/3 39.3 55.3 5.6 227.4 46.95
95/5 - - - 225.8 48.51
93/7 - - - 225.9 43.24

Figure 8 shows the FTIR spectra of the neat PTT and PTT/GNS 99/1 composite fibers during
stepwise heating to 225 ◦C. According to literature [50,51], the absorbance bands at 875 and 870 cm−1

are associated with the B3u–CH out-of-plane bending of phenylene rings in the amorphous and
crystalline phases, respectively. By contrast, the absorbance bands at 948 and 935 cm−1 are related to
CH2 rocking in a gauche conformation in the crystalline phase. In the current work, the absorbance
band, resulting from the trans-conformation was located at 815 and 978 cm−1. Prior to heating,
the neat PTT and PTT/GNS 99/1 composite fibers were in the mesomorphic phase, as indicated by
the intensity of the WAXD (Figure 7a). Upon heating, the neat PTT and PTT/GNS 99/1 composite
fibers were gradually crystallized, as shown by the gradual absorbance increase in the 870, 935, and
948 cm−1 bands and the gradual absorbance decrease in the 815 and 978 cm−1 bands. These absorbance
changes, which are consistent with previous findings on isothermal cold crystallization [49], revealed
the trans-to-gauche transition behavior in PTT cold crystallization [52].
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Figure 8. Fourier transform infrared spectroscopy (FTIR) spectra of (a) neat PTT and (b) PTT/GNS 
99/1 composite fibers during stepwise heating to 225 °C. 
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Figure 8. Fourier transform infrared spectroscopy (FTIR) spectra of (a) neat PTT and (b) PTT/GNS
99/1 composite fibers during stepwise heating to 225 ◦C.

Figure 9a shows the normalized area of the 948 and 935 cm−1 bands and the variation in the
absorbance peak at 875–870 cm−1 as a function of temperature for the neat PTT and PTT/GNS 99/1
composite fibers. The normalized area of the bands at 935 and 948 cm−1 was used in the following
equation [29]:

A935+948 =
AT − A35

Amax − A35
(2)

where A935+948 is the relative crystallinity of PTT, and Amax is the maximum area of the 935 and 948 cm−1

bands. AT and A35 are the areas of the 935 and 948 cm−1 bands at different temperatures and at 35 ◦C,
respectively. The cold crystallization process was characterized by the increased A935+948 (Figure 9a),
which was accompanied by a gradual band shift from 874 to 870 cm−1 (Figure 9b). Furthermore, a band
shift was observed during heating at ~870 cm−1 and prior to crystal melting at approximately 200 ◦C,
at which spectral recording became infeasible owing to the sample flow. Notably, the A935+948 value of
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the PTT/GNS 99/1 composite fibers at 45–50 ◦C was lower than that at 35 ◦C, and then significantly
increased above 55 ◦C. This result indicates that the gauche conformation of the PTT/GNS composite
fibers decreased at temperatures higher than Tg. The gauche conformation content of the PTT chains
for PTT/GNS composite fibers could be higher than that for neat PTT fibers during the solution jet
and bending instability in the electrostatic field due to the presence of GNSs, but the mild increase in
regularity is not sufficient to cause the formation of crystalline structures. Thus, the chain structure of
PTT was rearranged again after subsequent heating treatments. The A935+948 of the PTT/GNS 99/1
composite fibers at 65 ◦C was higher than that of the neat PTT fiber at 65 ◦C. The saturated A935+948 of
the PTT/GNS 99/1 composite fibers at 80 ◦C was also higher than that of the neat PTT fiber at 90 ◦C.
Meanwhile, the band between 875 and 870 cm−1 of the PTT/GNS 99/1 composite fibers was slightly
lower than that of the neat PTT fiber at a high-temperature region (Figure 9b). These results indicate
that the cold crystallization of the PTT composite fibers was enhanced by the GNSs. Consistent results
were obtained between DSC and FTIR measurements with regard to the kinetics of cold crystallization
in PTT fibers.
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Figure 9. (a) Normalized area of the 948 and 935 cm−1 bands (A935+948) and (b) variation in the
absorbance peak at 875–870 cm−1 for the neat PTT and PTT/GNS 99/1 composite fibers during
stepwise heating.

Figure 10a shows the WAXD of the neat PTT fibers during stepwise heating to 240 ◦C. The WAXD
intensity profiles of as-spun neat PTT fibers showed the mesomorphic phase characteristics prior
to heating. When the temperature was increased to 60 ◦C, the intensity of diffraction humps at
15.0◦–18.0◦ and 22.5◦–25.5◦ began to increase. When the temperature was increased to 120 ◦C,
the characteristic diffraction peaks at 15.6◦ and 17.2◦ appeared. When the temperature was increased
to 170 ◦C, the characteristic diffraction peaks of the PTT crystals were clearly observed and increased
gradually at the 2θ of 15.6◦, 17.2◦, 19.4◦, 21.4◦, 23.2◦, and 24.5◦. Figure 10b shows the WAXD of the
PTT/GNS 99/1 composites fibers during stepwise heating to 240 ◦C. A similar increase in the WAXD
intensity profiles was observed in the PTT/GNS 99/1 composite fibers with the increased temperature.
Therefore, neat PTT and PTT/GNS 99/1 composite fibers crystallizes from a mesomorphic phase into
a triclinic structure at 170 ◦C during cold crystallization. The neat PTT and PTT/GNS 99/1 composite
fibers were still mesomorphic phases during A935+948 increase in the FTIR spectra and exothermic peak
in DSC, which is associated with the PTT cold crystallization kinetics.

Based on our previous studies [29], the PTT lamellae could be epitaxially grown on top of the GNS.
Furthermore, the mesomorphic phase was formed during PTT electrospinning, and GNSs could induce
the PTT mesomorphic phase significantly during PTT/GNS electrospinning in this study. During cold
crystallization, the PTT mesomorphic phase could be the PTT nuclei, which were randomly developed
on the GNS surface, to form the lamellae in PTT/GNS composite fiber (Figure 11). The PTT cold
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crystallization rate in the PTT/GNS composite fiber increased with the gradual addition of GNSs.
The enhanced cold crystallization kinetics was attributed to the high nucleation ability of GNSs, which
results from PTT mesomorphic phase on their surfaces, while the overgrown lamellae from the GNS
surface of the PTT/GNS composite fibers may result in the retardation alignment of PTT crystalline
lamellae in the PTT/GNS composite fibers under quiescent heating. Therefore, the orientation of PTT
lamellae in the PTT fibers is higher than that in the PTT/GNS composite fibers.
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Figure 11. Schematic of the microstructure change of the PTT/GNS composite fibers during
cold crystallization.

3.4. Mechanical Properties of Electrospun PTT/GNS Composite Fibers

Based on cold crystallization results, the PTT/GNS composite fibers crystallizes into a triclinic
structure at 170 ◦C. Therefore, 170 ◦C was selected for annealing. Figure 12 shows the stress-strain
curves of PTT/GNS CFMs with and without annealing at 170 ◦C. The determined Young’s modulus (E),
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tensile strength (σmax), elongation at break (εmax), porosity, and df are displayed in Table 3. The as-spun
neat PTT fiber mats prior to 170 ◦C annealing possessed higher E, larger σmax, and longer εmax than
after 170 ◦C annealing. Similar results were obtained in the PTT/GNS CFMs. Annealing could
lead to an increase in the porosity and df. Moreover, the E and σmax of the PTT/GNS CFMs were
decreased, and the εmax of the PTT/GNS CFMs were increased with increased GNS content, regardless
of annealing. Based on the cold crystallization and solution viscosity results of the as-spun PTT/GNS
CFMs, the present mechanical reduction is attributed to the alignment of the PTT chains in the
PTT/GNS composite fibers during electrospinning. When the viscosities of the PTT/GNS solution
were increased with the increase in GNS content, the df of the electrospun PTT/GNS composite
fibers was decreased first and then increased with increased GNS content. This phenomenon resulted
in retarded alignment of the PTT chains in the PTT/GNS composite fibers during electrospinning.
Therefore, the PTT/GNS CFMs became ductile with the addition of GNSs. In addition, the PTT chains
in the PTT/GNS composite fibers relaxed via thermal expansion during thermal heating when the
temperature exceed the Tg of PTT. Thus, the df values of the PTT/GNS composite fibers at 170 ◦C
annealing temperature was slightly larger than those of the as-spun PTT/GNS composite fibers.
The alignment of the PTT crystalline lamellae in the PTT/GNS composite fibers was inhibited by the
PTT nuclei on the GNS surface after annealing at this temperature (Figure 11).
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Figure 12. Stress-strain curves of PTT/GNS CFMs with and without annealing at 170 ◦C for 30 min.
The solid lines indicate the as-spun PTT/GNS CFMs, and the dashed lines indicate PTT/GNS CFMs
with annealing at 170 ◦C.

Chen et al. [24] found that the PTT filaments have a high instantaneous elastic recovery even
at a high elongation of 20%, whereas the clothing materials, such as filaments, are usually used at
elongations below 20%. Therefore, we selected 20% elongation for the instantaneous elastic recovery
measurement. Figure S6 show the stress-strain curves of PTT/GNS CFMs filled with various amounts
of GNS in five stretch cycles by the 20% elongation limit with and without annealing at 170 ◦C.
The elastic recovery results are listed in Table 3. When the crosshead returned to its original position,
no PTT/GNS CFMs could return to their original position, and the remnant elongation slightly
increased with increasing cycles. The elastic recoveries of the PTT/GNS CFMs with 170 ◦C annealing
are better than those of the as-spun PTT/GNS CFMs. The elastic recoveries of the PTT/GNS CFMs were
slightly reduced with increased GNS content. The WAXD and FTIR results indicate that the as-spun
PTT/GNS CFMs are of the mesomorphic phase, and the PTT/GNS CFMs with 170 ◦C annealing have
a triclinic crystal structure with numerous gauche conformations. This results indicates that the elastic
recoveries of the PTT/GNS CFMs are mainly caused by the gauche conformations of the PTT crystals
in the fiber.

113



Polymers 2019, 11, 164

Table 3. Mechanical properties of PTT/GNS CFMs with and without annealing at 170 ◦C for 30 min.

PTT/GNS
CFMs E (MPa) σmax (MPa) εmax (%) df (nm) Porosity

(%)
Fifth Elastic

Recovery (%)

100/0 141.6 ±30.7 15.1 ± 2.0 102.5 ±7.7 256 ± 92 46 85.8
99/1 89.4 ± 5.0 10.0 ± 0.5 106.9 ±2.8 141 ± 28 57 84.4
97/3 52.9 ± 11.2 4.4 ± 0.5 109.8 ± 8.7 310 ± 116 43 83.4
95/5 22.6 ± 7.2 3.0 ± 0.1 123.8 ± 3.6 359 ± 133 39 83.9

100/0@170 102.0 ± 6.5 9.9 ± 0.4 48.6 ± 3.5 290 ± 87 47 91.8
99/1@170 77.4 ± 5.4 7.4 ± 0.2 49.6 ± 1.9 237 ± 81 59 91.7
97/3@170 37.0 ± 3.0 4.9 ± 0.2 53.7 ±1.8 347 ± 128 43 90.9
95/5@170 35.0 ± 3.9 3.5 ± 0.1 56.9 ± 3.3 366 ± 134 43 90.4

3.5. Electrical Properties of Electrospun PTT Composite Fiber Mats

Figure 13a shows the σ of PTT composites and PTT fibers filled with GNS. When the GNS
contents were increased, the GNS gradually formed a conductive path. The percolation scaling laws
are considered suitable in revealing the σ of the PTT/GNS CFMs. Thus, in this section, the addition of
GNS to PTT/GNS CFMs have to be presented in the volume percentage on the basis of the percolation
equation. For the PTT/GNS composite fibers, the PTT/GNS CFMs exhibited an improvement in
conductivity, and a gradual transition was observed from 1.77 to 9.98 vol % (3–16 wt %). The σ of
the PTT/GNS CFMs became 3.18 × 10−5 S/cm following a GNS content of 9.98 vol %. Compared
with that of the neat PTT fibers, a 9-order increase in σ was observed for the PTT/GNS CFMs,
with 7.35 vol % GNS content. However, compared with our previous study [21], wherein GNSs were
used in PTT/GNS composites using the same GNSs as this study, the PTT/GNS CFMs in the present
study exhibited significantly lower conductivity than that of PTT/GNS composites with the same GNS
content. PTT/GNS composites could form a conductive network more easily than PTT/GNS CFMs.
This discrepancy could be attributed to the highly porous electrospun fiber mats with voids filled
with insulating air. Chien et al. [23] demonstrated that the conductivity of electrospun PDLLA/CNC
CFMs may be affected by the porosity of CFMs. Therefore, we prepared a PTT/GNS composite film
via hot pressing PTT/GNS CFMs (HP-PTT/GNS CFMs) at 280 ◦C. The σ of the HP-PTT/GNS CFMs
was similar to that of the PTT/GNS composites that were prepared from hot-pressed dried powders.
The porous structure of the PTT/GNS CFMs is one of the major reasons causing the difference in
conductive behavior between the PTT/GNS composites and the PTT/GNS CFMs. The hot-pressed
fiber mats eliminated the insulating voids.

To determine quantitatively the minimum volume fraction of GNS required for developing
the network for electron transportation, the percolation scaling law was applied to describe the
relationship between σ and φ − φc. Corresponding plots are provided in Figure 13b. φc and β values
were determined based on the regression analysis. The experimental φc values of the PTT/GNS
CFMs is 6.10 vol %. The derived φc of the PTT/GNS CFMs is higher than that of the PTT/GNS
composites (0.84 vol %) [21]. The derived β values of the PTT/GNS CFMs is 6.52, which is substantially
different from the universal value of 2.0 for a three-dimensional lattice. In addition, several studies
analyzed similar polymer/carbon nanofiller CFM samples. For polymer/carbon nanofiller CFMs,
the β of the PDLLA/CNC CFMs is 3.20 [23], while one of the PS/CNT CFMs is 0.80 [22]. The β

of the PTT/GNS CFMs is significantly higher than those of the PDLLA/CNC and PS/CNT CFMs.
These discrepancies could be attributed to the route of dispersion state of the fillers, their geometrical
structures, the intrinsic differences in the polymer/GNS pair, or the porosity of the electrospun fiber
mats. Nevertheless, the β values of the PTT/GNS CFMs are significantly higher than those of the
PTT/GNS composites (3.91) [21]. However, this result is different from the percolation exponent result
for the PDLLA/CNC composite fiber mats [23]. The β of the PDLLA/CNC CFMs is similar to that
of the PDLLA/CNC casting composite film. This phenomenon implies that the conductivity of the
PTT/GNS fiber mats is not merely affected by the porosity of the electrospun fiber mats.
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95/5@170 35.0 ± 3.9 3.5 ± 0.1 56.9 ± 3.3 366 ± 134 43 90.4 

3.5. Electrical Properties of Electrospun PTT Composite Fiber Mats 

Figure 13a shows the σ of PTT composites and PTT fibers filled with GNS. When the GNS 
contents were increased, the GNS gradually formed a conductive path. The percolation scaling laws 
are considered suitable in revealing the σ of the PTT/GNS CFMs. Thus, in this section, the addition 
of GNS to PTT/GNS CFMs have to be presented in the volume percentage on the basis of the 
percolation equation. For the PTT/GNS composite fibers, the PTT/GNS CFMs exhibited an 
improvement in conductivity, and a gradual transition was observed from 1.77 to 9.98 vol % (3–16 
wt %). The σ of the PTT/GNS CFMs became 3.18 × 10−5 S/cm following a GNS content of 9.98 vol %. 
Compared with that of the neat PTT fibers, a 9-order increase in σ was observed for the PTT/GNS 
CFMs, with 7.35 vol % GNS content. However, compared with our previous study [21], wherein 
GNSs were used in PTT/GNS composites using the same GNSs as this study, the PTT/GNS CFMs in 
the present study exhibited significantly lower conductivity than that of PTT/GNS composites with 
the same GNS content. PTT/GNS composites could form a conductive network more easily than 
PTT/GNS CFMs. This discrepancy could be attributed to the highly porous electrospun fiber mats 
with voids filled with insulating air. Chien et al. [23] demonstrated that the conductivity of 
electrospun PDLLA/CNC CFMs may be affected by the porosity of CFMs. Therefore, we prepared a 
PTT/GNS composite film via hot pressing PTT/GNS CFMs (HP-PTT/GNS CFMs) at 280 °C. The σ of 
the HP-PTT/GNS CFMs was similar to that of the PTT/GNS composites that were prepared from hot-
pressed dried powders. The porous structure of the PTT/GNS CFMs is one of the major reasons 
causing the difference in conductive behavior between the PTT/GNS composites and the PTT/GNS 
CFMs. The hot-pressed fiber mats eliminated the insulating voids. 

 

Figure 13. (a) Conductivity versus GNS volume contents of PTT/GNS CFMs and HP-PTT/GNS CFM
composites. (b) Percolation scaling law between σ and φ − φc for PTT/GNS CFMs. (c) Schematic
representation of electrospun PTT/GNS fiber. (d) Schematic representation of GNS-GNS conductive
path in the PTT/GNS CFMs.

LGNS in the PTT/GNS/TFA solution was significantly decreased with 5 wt % GNS content due to
the significant increase of G′ and solution conductivity (Figures 3a and S3), whereas the conductivity
of the electrospun PTT/GNS 95/5 CFMs (8.90 × 10−16 S/cm) is significantly low. Moreover, the value
of the GNS–GNS network formation in the PTT/GNS CFMs was larger than those in the PTT/GNS
composites and the PTT/GNS/TFA solution. These results imply that the GNS–GNS network
in the solution did not form a GNS–GNS conductive network along the PTT/GNS fiber during
electrospinning. However, a GNS conductive fiber could be successfully made using another spinning
method. Jalili et al. [53] showed that GO fibers could be produced at a low GO content (0.075 wt %,
the GO liquid crystalline network) via wet-spinning, and that a GO–GO network would be formed
in the GO fibers. The difference of the filler network formation between GO fibers and PTT/GNS
fibers is caused by the processing method. The wet-spinning process could put GO in order along the
GO fiber because the jet stretch ratio (stretching velocity/injection velocity of the flow) could be low
(0.5–1.5) during wet-spinning [54]. The electrospun PTT/GNS fiber process is illustrated in Figure 13c.
Wang et al. [32] found that the drawdown ratio could be estimated at approximately 27,000 from the
Taylor cone apex up to the straight jet end (spinneret diameter/jet-end diameter)2. The drawdown
ratio was approximately 20–80 at the whipping region (jet-end diameter/fiber diameter)2. When the
GNS–GNS network in the composite solution flowed from the Taylor cone apex into a straight jet, LGNS
was stretched in the straight jet and was subsequently stretched again at the whipping region under
an electric field. Therefore, LGNS could be increased; the GNS–GNS network would not be formed
along the PTT/GNS composite fibers despite the electrospun PTT/GNS composite fibers from the
GNS–GNS network solution.

When LGNS was increased via electrostatic stress, the electrons could not be transported along the
PTT/GNS composite fiber. However, the lateral dimension of GNS was larger than the diameter of
the electrospun PTT fibers. Hence, GNS aggregated particles protruded from the smooth PTT fiber.
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The protruding parts of GNS in the PTT/GNS composite fibers and in the neighboring PTT/GNS
fibers helps in the formation of the GNS–GNS network. The electrons were transported in the
GNS-GNS network that was formed via GNS aggregations in the neighboring PTT/GNS fibers with
a non-woven structure. (Figure 13d) The percolated GNS–GNS networks in the PTT/GNS CFMs
are different from those in the PTT/GNS composite. Several studies [21,55–57] have indicated that
when conduction-insulation composites experience a tunneling effect between conducting particles,
the percolation exponent will be in the range of βo and βo+10, where βo is the universal conductivity
exponent. The percolation exponent value of the PTT/GNS CFMs was higher than that of the PTT/GNS
composites because the porous structures and GNS–GNS network of the PTT/GNS CFMs were
increased in LGNS, thereby promoting a tunneling effect [58] (Figure 13d).

4. Conclusions

PTT composite powders filled with well-dispersed GNSs were prepared via coagulation, and the
composite powders were re-dissolved in a TFA solvent to obtain well-dispersed PTT/GNS solutions.
The effects of increased GNS concentration on the electrospinning solution and process, as well as
the morphologies and property variations of PTT/GNS composite fibers, were investigated using
several analytical techniques, including rheometers, conductivity meters, SEM, and TEM. The addition
of GNS increased the PTT solution viscosity and conductivity. After electrospinning the 14 wt %
PTT solution with various GNS contents, the df of the PTT/GNS fibers initially decreased and then
increased as the GNS was added into the PTT solution. The decreased df and the increased df of
the PTT/GNS fiber were initially dominated by the solution conductivity, and subsequently by the
solution viscosity, respectively. The morphologies of the GNS dispersion in the PTT composite fiber
changed as the GNS content increased. Moreover, GNSs were embedded and protruded from the fibers.
Regardless of GNS content, a PTT mesomorphic phase was formed during electrospinning, whereas
GNSs could induce PTT mesomorphic phase significantly during PTT/GNS electrospinning. The PTT
cold crystallization rate of PTT/GNS composite fibers increased with the GNS content. During
cold crystallization, the PTT mesomorphic phase could be the PTT nuclei, which were randomly
developed on the GNS surface, to form the lamellae in the PTT/GNS composite fiber. The increased
viscosities of PTT/GNS solution retarded the alignment of PTT chains in the PTT/GNS composite
fibers during the electrospinning process, whereas the alignment of PTT crystalline lamellae in the
PTT/GNS composite fibers was inhibited by the PTT nuclei on the GNS surface after annealing at
170 ◦C. Therefore, the mechanical properties of PTT/GNS CFMs became ductile with the addition of
GNSs. The elastic recoveries of the PTT/GNS CFMs with 170 ◦C annealing are better than those of
the as-spun PTT/GNS CFMs. The elastic recoveries of the PTT/GNS CFMs were slightly reduced
with increased GNS content. The PTT/GNS composites could form a conductive network more easily
than PTT/GNS CFMs. The conductivity thresholds of the PTT/GNS CFMs are higher than that of the
PTT/GNS composite films because the electrospun fiber mats were highly porous and contained voids
filled with insulating air, and the GNS–GNS network could not be formed along the composite fibers.
The porous structure and GNS dispersion of the elicited PTT/GNS CFMs are important to the CFMs’
performance, especially for σ. The σ of the HP-PTT/GNS CFMs were similar to those of the PTT/GNS
composites that were prepared from hot-pressed dried powders.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/11/1/164/s1,
Figure S1: Thermo-gravimetric analysis curves of the PTT/GNS CFMs; Figure S2: SEM images of electrospun
fibers from (a) 7 wt % PTT/TFA solution, (b) 8 wt % PTT/TFA solution, (c) 9 wt % PTT/TFA solution, (d) 11 wt %
PTT/TFA solution, (e) 12 wt % PTT/TFA solution, and (f) 14 wt % PTT/TFA solution; Figure S3: Effects of GNS
concentration on PTT solution conductivity at 25 ◦C; Figure S4: Effects of PTT/TFA concentration with 10 wt %
GNS content on solution viscosity; Figure S5: SEM and TEM images of electrospun PTT fibers filled with: (a), (b)
10 wt %, (c), (d) 12 wt %, (e), (f) 14 wt %, and (g), (h) 16 wt % GNS; Figure S6: Elastic recovery of the (a) neat PTT
CFMs, (b) neat PTT CFMs with annealing at 170 ◦C, (c) PTT/GNS 99/1 CFMs, (d) PTT/GNS 99/1 CFMs with
annealing at 170 ◦C, (e) PTT/GNS 97/3 CFMs, (f) PTT/GNS 97/3 CFMs with annealing at 170 ◦C, (g) PTT/GNS
95/5 CFMs, and (b) PTT/GNS 95/5 CFMs with annealing at 170 ◦C during five cycles of loading–unloading with
an elongation of 20%.
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Abstract: Graphene has been publicized as the game changing material of this millennium. To this
day, scalable production leading to exceptional material properties has been difficult to attain. Most
methods require harsh chemicals, which result in destroying the graphene surface. A method was
developed, exploiting high speed elongational flow in a novel designed batch mixer; creating a
distribution of pristine few to many layer graphene flakes. The method focuses on exfoliating in
a molten polyamide 66 (PA66) matrix, creating a graphene reinforced polymer matrix composite
(G-PMC). The process revealed that high speed elongational flow was able to create few layer
graphene. Graphite exfoliation was found driven in part by diffusion, leading to intercalation of PA66
in graphite. The intercalated structure lead to increases in the hydrogen bonding domain, creating
anisotropic crystal domains. The thermal stability of the G-PMC was found to be dependent to the
degree of exfoliation, PA66 crystal structure and composite morphology. The aim of this research is
to characterize uniquely produced graphene containing polymer matrix composites using a newly
created elongational flow field. Using elongational flow, graphite will be directly exfoliated into
graphene within a molten polymer.

Keywords: graphene; graphene polymer matrix composite; polyamide 66; elongational flow;
hydrogen bond

1. Introduction

Graphene has been publicized as the leading edge material of this millennia. In the past two
decades, the 2-D material has been considered for use in applications, such as thermal management [1],
environmental remediation and filtration [2,3], biotechnology [4,5] and lightweight, structural
materials [6]; due to its exceptional mechanical properties [7]. Many exfoliation methods have been
developed to separate graphene from graphite and produce un-oxidized graphene flakes, including
electrochemical [8,9], chemical oxidation and expansion [10,11] and liquid phase [12,13]. However,
these approaches are costly, multistep methods that use or produce harmful byproducts. Since the
graphene is often extracted from a sacrificial medium, defects are often introduced on the graphene
surfaces and edges, which may reduce some properties [14,15]. The challenge is finding a viable,
inexpensive, less complex process that permits property retention.
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An alternative approach would be to cultivate an exfoliation method, for which the matrix is not a
sacrificial phase but rather becomes part of the end use application, for example, a graphene contained
reinforced polymer nanocomposite. In order to do that, the matrix must impart significant shear forces
to exfoliate flake graphite to graphene nanoflakes. Thus, it is important to study scalable polymer
processing techniques that are optimized for efficient graphite exfoliation.

Direct exfoliation has been known to providing an economical, top-down approach in converting
the graphite to graphene [3]. The processes that provide the most advantage involve traditional
plastic processing utilizing extensional flow. Using elongational flow to exfoliate graphite has been
attempted but inefficient exfoliation was achieved [16]. Traditionally, current mixing technologies
are not independently able to efficiently create graphene without the addition of another step that
causes exfoliation. Utilizing elongational flow with the addition of an exfoliation aid, has been the
direction for research in this field. Ellingham et al. [17] has shown that using twin screw extrusion
and the addition of supercritical CO2, exfoliation was further improved through bubble formation.
The bubbles were able to generate an additional extension mechanism, upon expansion of CO2 to
further exfoliate the graphite. Those that are specifically designed for elongational flow start with
pre-expanded graphite, attempting to reduce the size of graphite with inherent defects [18]. There are
mixers that exploit extensional flow without the addition of an additive exfoliating component. Work
conducted by Oxfall et al. [16] uses dual piston driven operation injected through a capillary to cause
elongational flow mixing. A drawback is the creation of hydrostatic pressure, causing intermittent
stages of no mixing. Oxall’s work disproportionally hinders efficient exfoliation. Supported in our
work, we’re able to create a succession of shear strain events without any chemical aid or pretreatment.
A succession of shearing events in Nosker et al. [19] produces continuous mixing, making our process
an economical advantage.

Some of the earliest experimental and theoretical work in fluid flow of two immiscible liquids
was pioneered by Taylor in his experiments with droplet suspension breakup in a dilute medium of
dissimilar viscosity [20]. Taylor designed two methods to observe droplet deformation contributing to
a difference in mechanism of deformation. The first consisted of two counter moving surfaces, creating
planar shear flow. From this first experimental setup at maximum roller speed, the droplet deformed
to a spheroid that distorted without breaking. The second experiment conducted was of a four roll
apparatus producing planar elongational flow under the same matrix conditions. What was observed,
was droplet extension occurred parallel to the direction of deformation. The extension lead to droplet
rupture and breakage.

Taylor found the mechanism for breakage of droplets to be related to apparent differences in
kinematic viscosity ratio defined by p to a droplets critical deformability; where µD is the viscosity of
the dispersed phase and µC, the viscosity of the continuous phase (1).

p =
µD
µC

(1)

The critical deformability was found to work but only up to a maximum viscous ratio of 4. Similar
results were confirmed by Rumscheidt and Mason of this critical viscosity ratio to deformation [21];
suggesting that beyond this critical viscosity exist no deformation and breakage of droplets. An
expansion of work by Taylor & Rumscheidt from Grace produced a slightly different view on the
viscous ratio. For droplet deformation leading to breakage, Grace found that a specific deformation
rate above a critical capillary value Cacrit was needed; where Cacrit < Ca [22]. The capillary number Ca
represented the ratio of the viscous force of the matrix to the restorative force of the dispersed phase to
deformation or shear; where µ is the kinematic viscosity, γ is the shear rate, σ interfacial tension and
Rd the droplet radius (2).

Ca =
µRdγ

σ
(2)
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Associating elongational flow to simple shear flow figure, Grace found the critical capillary
number to be smaller for the case of elongational flow. Leaving for simple shear, the critical capillary
number for breakage approaching a near infinite value as the viscous ratio exceeds p > 1 in Figure 1 [23].
This forms the bases of 2D elongational flow as being essential for particulate breakup and deformation,
based on the idea of it being seemingly independent of viscosity. This viscous independence suggests
that any material system, that undergoes deformation by the application of stress, has the potential
to create new surfaces. These systems include liquid-liquid in Graces work and solid-liquid systems.
Particularly for solids that deform by shear stress under an inherent slip plane, like graphite.
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The aim of this research is to characterize uniquely produced graphene containing polymer matrix
composites using a newly created elongational flow field. Using elongational flow, the drive is to
exfoliate graphite into graphene directly within a molten polymer. This work is an expansion of a
method to create graphene reinforced polymer matrix composite by Nosker et al. [19]. In using a
continuous polymer phase and a dispersive graphite phase, the previous art exploits fluid mechanics
of droplet breakup by exceeding Ca crit across large viscous regimes created by continuous exfoliation.
By exfoliating in-situ the polymer phase seeks to exceed the resistive force to exfoliation and detail a
scalable method of creating a polymer matrix composites, where graphene is used as a reinforcing
phase. The process may show that this method has subsequent improved particle-matrix interaction
between newly formed nanographite and graphene surfaces; which is not found in traditional
plastic-graphene composites.

In this work, we use elongational flow to exfoliate 35 wt % mined graphite within polyamide
66 (PA66) to create graphene containing polyamide 66 nanocomposites (G-PA66). The components
are subject to 10, 20, 30 and 45 min of elongational flow mixing. The mixed components are then
characterized for their changes in structure, morphology and thermal properties. Using this single
step approach to convert graphite directly to nanographite and graphene, it is suggested that a molten
elongational phase can apply unique hydrodynamics on the graphite flake to produce exfoliated few,
many layer graphene and nanographite at shear strain rates exceeding 103 s−1.

2. Materials and Methods

Natural flake graphite (Asbury Carbons, mills grade 3627 with 99.2% purity, diameter = 250 µm,
ρ = 2.26 g/cm3, Asbury Carbons, Asbury, NJ, USA) was used as the exfoliating species. Polyamide
66 (PA66, Zytel 101 NC010, Tm = 262 ◦C, Tg = 60 ◦C, ρ = 1.14 g/cm3, DuPont, Wilmington, DE, USA)
was used as the high temperature polymer in this study. Prior to processing, both components were
dried in an oven to eliminate water. PA66 was dried at 85 ◦C under vacuum and graphite was dried at
350 ◦C for 4 h.

PA66, 20 wt % and 35 wt % flake mineral graphite were mixed using a high shear batch mixer
imparting elongational flow. The blends were mixed at 276 ◦C and a shear strain rate of 2876 s−1,
under an Ar gas atmosphere to reduce polymer degradation. 35 wt % graphite and in PA66 and PA66
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were mixed for 10, 20, 30 and 45 min to produce G-PA66 samples and PA66 control samples at each
mixing time Table 1, PA66 and G-PA66 extrudate (approximate diameter of 2.94 mm) was prepared for
subsequent characterization.

Table 1. Processing Matrix.

Mixing time (min) Control materials Composite materials

10 PA66 G-PA66
20 PA66 G-PA66
30 PA66 G-PA66
45 PA66 G-PA66

Wide Angle X-ray Diffraction (WAXD) was performed using a Philips X-Pert Powder X-ray
Diffractometer (PANalytical, Almelo, Netherlands) with a Cu (λ = 1.54 Å) K-alpha source at
45 kV/40 mA and scanned from 4◦ to 70◦ 2θ. The samples were scanned with a step size of 0.02◦ 2θ to
detect graphitic and nylon characteristic peaks. Extrudates were notched and cryogenically fractured
to produce a pristine surface.

Thermal properties of PA66 and G-PA66 samples were determined using a Q1000 Differential
Scanning Calorimeter (TA instruments, New Castle, DE, USA). PA66 and G-PA66 samples weighing
10 mg, were sectioned from the extrudate and subject to a heat, cool, reheat method at 10 ◦C/min from
0–300 ◦C under a nitrogen atmosphere. The effect of processing on the melting (Tm), crystallization (Tc)
and glass transition (Tg) temperatures of the PA66 component was determined, to include enthalpy of
crystallization ∆Hc, enthalpy of melting ∆Hm and % crystallinity in PA66.

Morphology of G-PA66 samples was investigated using a Sigma Field Emission Scanning Electron
Microscope (SEM) (Zeiss, Oberkochen, Germany) with Oxford EDS.

In order to better investigate the nanoflakes produced during this in situ exfoliation method,
G-PA66 nanocomposites were granulated using a Spex 6700 Freezer Mill (SPEX Sample Prep, Metuchen,
NJ, USA) to cryogenically impact samples and form a fine powder for viewing using the SEM. The
fine powder was ultra-sonicated in isopropyl alcohol (IPA) for 5 min, then the suspension was drop
coated on to a lacey carbon grid for transmission and characterization in a JEOL 2010F Transmission
Electron Microscope (JEOL, Tokyo, Japan) operating at 200 kV for High Resolution Transmission
Electron Microscopy (HR-TEM).

3. Results and Discussion

3.1. Wide Angle X-ray Diffraction

In our assessment of the crystalline characteristics of the X-ray diffraction results, the Scherrer
Equation (3) was used to calculate the crystalline domain size of the phases in PA66, G-PA66 and
Graphite. K = 0.9 represents the shape factor, λ is the incident radiation wavelength, β is the line
broadening at half the maximum intensity of the detectable peak and θ is the Bragg angle in degrees.

L =
Kλ

βcos
(3)

The starting graphite is analyzed to having a (002) lattice spacing of 0.334 nm, indicative of
the stable hexagonal phase [24]. After exfoliated in the presence of elongational flow, the existing
hexagonal phase shows an increase in (002) d-spacing, in Table 2. The results from the Figure 2 and
Table 2 show a progressive reduction in the average domain size, leading to a 76% reduction in domain
size for the graphite portion compared to its native structure. The increase in (002) lattice spacing
suggests that the starting hexagonal phase is converting to a turbostratic phase of exfoliated graphite
containing composite. The turbostratic form of exfoliate has been known to contain stacks of graphene
planes, which have undergone rotations and distortions [25]. Comparing samples G-PA66 30 min and
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G-PA66 45 min, there is a large difference in both the reduction in (002) domain size and the increase in
lattice spacing. This suggests that after 30 min of mixing, a transition in the conversion of the exfoliated
graphite and the resulting morphology has occurred.

Table 2. Diffraction data for Graphite, PA66 and G-PA66.

Materials Mixing
time (min)

PA66 d
(100) (nm)

PA66 (100)
Domain

(nm)

PA66 d
(010)/(110)

(nm)

PA66
(010)/(110)

Domain (nm)

Graphite
d (002)
(nm)

Graphite (002)
Domain (nm)

Graphite - - - - - 0.3344 62.7 (4.1)
PA66 - 0.4407 4.4 (0.2) 0.3878 4.4 (0.7) - -
PA66 10 0.4427 8.6 (0.4) 0.3753 5.6 (0.2) - -
PA66 20 0.4453 9.7 (0.6) 0.3768 5.3 (0.2) - -
PA66 30 0.4414 8.3 (0.4) 0.3758 6.1 (0.2) - -
PA66 45 0.4435 2.9 (0.9) 0.3796 2.9 (0.5) - -

G-PA66 10 0.4404 8.4 (0.4) 0.3719 7.0 (0.2) 0.3360 21.4 (0.3)
G-PA66 20 0.4405 9.3 (0.5) 0.3720 6.8 (0.1) 0.3358 21.1 (0.2)
G-PA66 30 0.4393 11.6 (0.8) 0.3735 6.0 (0.1) 0.3363 19.1 (0.2)
G-PA66 45 0.4423 8.9 (1.7) 0.3772 7.0 (0.3) 0.3386 14.8 (0.1)
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Figure 2. Graphite (002) domain size curve fit.

In Figure 2, a curve fit was constructed to establish a model for exfoliation by the reduction in
(002) domain size in graphite. The exfoliation of graphite in PA66 is shown to fit a parabolic model,
described as the mechanism for exfoliation. Parabolic models are closely tied to diffusion reaction
systems [26,27]. In the diffusion reaction system, the movement of species are modeled as a projecting
wave front. In the creation of our graphene reinforced composite, the projecting wave behaves as the
diffusing PA66 species between the graphite layers.

The results of the curve fit for the diffusion model shows that the linear equation is second-order
with respect to mixing time. Second-order approximations accounts for a linear driving force (LDF) for
diffusion a graphite intercalant, from Budzianowski [28]. In his work a second-order model a cyclic
adsorption/desorption step change for fluid concentration at the surface was assumed. He found that
the half-life for adsorption or distortion was too long and provided no instance for full saturation,
while diffusing. In our case, the PA66 diffuses, adsorbs and then desorbs continuously. This process is
successive until mixing stops, making it diffusion limited.

(002) Domain (nm) = 20.949 + 0.106 t − 0.005 t2 (4)
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Diffraction patterns of PA66 under extensional mixing are shown in Figure 3. In PA66, the first
crystalline peak at 20.7◦ 2θ, corresponding to the inter-chain hydrogen bonded (100) plane of the
amide group for semi-crystalline PA66 [29]. The second crystalline peak for PA66 at 23.6◦ 2θ, for the
overlapping diffraction peaks for the (010) and (110) planes, namely the key intra-chain and intersheet
periodicities perpendicular to the (100) direction [29]. As mixing time increased for PA66 samples
to 30 min, the results do not indicate progressive changes in diffracted domain size or lattice, from
Table 2. After 45 min of mixing, (100) domain is drastically reduced by 5.4 nm and (010) by 3.2 nm.
The additional mixing time also results in a lattice increase of +0.0038 nm, for the (010) plane. The
diffraction data of PA66 suggest that extensive mixing times lead to a reduction in crystal domain and
a shift in the (010) plane. The extensive mixing is likely to cause partial degradation which would
ultimately results in these crystal morphological changes.
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Figure 3. XRD diffraction patterns (a) Graphite (b) Graphite, G-PA66 10 min, G-PA66 20 min and
G-PA66 30 min at Graphite’s (002) c-axis peak-scaled for composite exfoliation (c) PA66, PA66 10 min,
PA66 20 min and PA66 30 min at the (100) & (010) lattice peaks for PA66 (d) PA66, G-PA66 10 min,
G-PA66 20 min and G-PA66 30 at the (100) & (010) lattice peaks for PA66.

XRD patterns of PA66, relative to the extensional mixing with graphite, appear in Figure 3d.
Relative to Figure 3c, the PA66 diffraction peaks are found to contain close similarities to the graphite
exfoliating PA66. After analyzing the diffraction peaks by fitting the resulting lattice and domains,
crystal structure information is obtained, Table 2. During graphite exfoliation to 30 min, the crystalline
domain of PA66 increases in the hydrogen bonded direction (100) and decreases in the van der Waals
direction (010)/(110). The change in domain size suggests a preferential crystallization direction in
PA66, likely due to the extensional flow process. In Figure 4, anisotropy of the diffraction peak profiles
in pure PA66 versus graphene reinforced PA66 reveals a non-linear dependence on exfoliation time.
By the increasing mixing time to 30 min for G-PA66, the inter-sheet (010)/(110) d-spacing increase,
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Table 2. The non-uniform changes in crystal domain size may allow for preferred crystallization along
the surface of the nanoflake and in the hydrogen bonded plane. This suggests preferred direction for
PA66 in the (010)/(110) directions and limited growth in the (100) direction.Polymers 2018, 10, x FOR PEER REVIEW  7 of 14 
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Figure 4. PA66 (100)/(010) domain size isotropy parameter vs. graphite concentration; (010) is
(010)/(110).

Extending the time of mixing from 30 min to 45 min with graphite, produces a distinctive change
in the G-PA66 lattice structure. G-PA66 shows a lattice increase for both the (100) and (010)/(110) by
+0.0030 nm and +0.0037 nm, respectively. This material also changes with a reduction in the hydrogen
bonded (100) domain and an increase in the intersheet (010)/(110) domain. The change in the van der
Walls (010)/(110) direction trends parallel to the lattice changes in graphite (002). The reduction in
(100) d-spacing is likely due to disruptions in the hydrogen bonded network due to graphene and
nanographite lattice mismatches, that may increase available surfaces for binding [30].

It is likely that the lattice parameters in the hydrogen bond and the van der Waals direction
follows not with the degree at which the graphene is reduced in size but with the (002) lattice spacing
between graphene layers beyond 30 min of mixing. The stacking faults in exfoliated graphite invoke
changes to the lattice parameters in PA66, which lead to parameter increase. These faults are the results
of created turbostratic graphite [31], consisting of an increased and shifted lattice spacing.

3.2. Differential Scanning Calorimetry

Thermal properties for PA66 and G-PA66 after 10, 20, 30 and 45 min of elongational mixing appear
in Table 3, with corresponding thermograms in Figure 5. Though difficult to notice in Figure 5a,c, the
glass transition temperatures for PA66 and G-PA66 were calculated using a baseline tangential method.
A line representing the baseline was drawn from 0 ◦C in the direction of increasing temperature.
A deviation from the baseline, at an inflection point in the thermogram, was found to be the glass
transition temperature (Tg). Transition temperatures for 10, 20, 30 and 45 min of exfoliation mixing
of PA66 & 10, 20, 30, 45 min G-PA66 were found. The glass transitions (Tg) were found to occur at
60, 56, 57, 53, 56, 57, 51, 50 ◦C respectively. For all the values listed in Table 2. The bulk crystallinity
of PA66 was calculated according to (3), for which enthalpy of melting for 100% crystalline PA66 is
∆Hm = 197 J/g [32]. The values for ∆Hm were adjusted for percent PA66, since G-PA66 samples only
have 65 wt % PA66.

Weight % Crystallinity =
∆Hm

∆Hm100
× 100 (5)

127



Polymers 2018, 10, 1399

Table 3. Differential scanning calorimetry results for PA66 and G-PA66.

Material
Mixing

time
(min)

Tg
(◦C)

Onset
melting

(◦C)
Tm (◦C) ∆Hm

(J/g)

Onset
crystallization

(◦C)

Tc
(◦C)

∆Hc
(J/g)

Crystallinity
%

PA66 10 60 246 261 72 235 233 70 ~36
PA66 20 56 244 260 69 233 231 68 ~35
PA66 30 57 243 259 71 233 231 66 ~36
PA66 45 53 245 256 73 238 234 59 ~37

G-PA66 10 56 241 252 97 243 239 85 ~49
G-PA66 20 57 243 254 103 245 241 94 ~52
G-PA66 30 51 226 239 69 229 222 74 ~35
G-PA66 45 50 218 236 48 227 217 38 ~24
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Figure 5. DSC thermograms for PA66 10 min, PA66 20 min and PA66 30 min (a) melting
and (b) crystallization and for G-PA66 10 min; G-PA66 20 min and G-PA66 30 min (c) melting
(d) crystallization.

In Figure 5a,c, the reheat cycle is shown for PA66 samples, we see the formation of two distinct
melting peaks in Figure 5a. Two melting peaks are due to a bimodal distribution of crystallites formed
by an intermediate heating and cooling rate of 10 ◦C/min [33]. Since the rate chosen is constant, the
thermal characteristics of the crystallites are dependent on the time of mixing and crystal structure
formed. As the mixing time increases, the first melting peak reduces in intensity and the secondary
melting peak broadens. This broadening of the overall melting in PA66 is indicated by the reduction
in onset melting temperature relative to Tm. As the mixing time increases, Tg, Tm, Tc and ∆Hc all
decrease. However, there is no consistent trend with ∆Hm results in Table 3 which produces a small
increase in % crystallinity as mixing continues beyond 20 min.

In Figure 5c, the reheat scans of the G-PA66 samples show a single melt peak; suggesting a
narrow distribution of crystallites formed, compared to the bimodal curve in neat PA66. G-PA66
produces an increased crystallization temperature (Tc) and percent crystallinity for 10 and 20 min of
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mixing; symptomatic to heterogeneous nucleation of PA66 in graphene/nanographite presence. As the
exfoliation time continues beyond 30 min, there a reduction in Tg, Tm and Tc. These properties are
much lower than all the other materials, suggesting a drastic change occurs at 30 min and beyond, in
its structure.

Compared to pristine PA66 at 30 min, G-PA66 at the same exfoliating time, has nearly equivalent
values of percent crystallinity but has a much lower Tm and Tc. The reduced crystallization previously
mentioned, suggests the suppression of crystallization to occur. The exfoliated graphitic nanoflake in
the matrix is likely to cause a subdued rate of crystallization [34,35]. This suppression lead to a reduced
crystallization temperature Tc of 9 ◦C. The same results appear for the Tg, with 45 min of exfoliation
resulting to a 6 ◦C reduction than the lowest Tg. The crystallization suppression is shown sensitive to
the percent crystallinity calculated, which suggest lower Tc depression leads to lower crystallinity.

Identifying how the crystal structure relates to the thermal stability of G-PA66 composite, we
see that the hydrogen bonded lattice parameters play an important role. This is not represented in
the neat PA66, since the differences between 20 and 30 min are nominal. G-PA66 mixed at 20 min;
having the least modified hydrogen bonded lattice, has relatively higher thermal properties and
percent crystallinity. The thermal property variations occurring through reduction of the hydrogen
bonded lattice, suggesting there is a relation to the structure in the PA66 of the composite. From
the increased crystallization temperature Tc and percent crystallinity, we know this is evidence of
surface crystallization occurring in the G-PMC (10 & 20 min). The cause of crystallization temperature
depression in G-PA66 mixed at 30 min might be explained by the exfoliated graphene acting as unstable
crystals growth surfaces. These surfaces form disrupted hydrogen bonded sites; imparting themselves
between the formed crystals, suppressing their crystallinity and thermal stability [36].

3.3. Scanning Electron Microscopy

In all stages of the exfoliation process, it is important to note that there exist both nanographite
and many layer graphene flakes, even though the average graphite domain is calculated to be 14.8 nm.
This is suggested, due to the fact that few to many layer graphene crystallites in the (002) direction are
weakly diffracted. The weakly diffracted domains make the crystals unresolved from the background.
That being said, the first thing to notice is the lack of large flakes of graphite present on the fractured
surface. The lack of visibly large flakes suggest that nearly all the graphite were reduced in thickness
but retained relatively large surface area in Figure 6. The reduction in graphite flake thickness provides
improved dispersion of nanographite and many layer graphene sheets, making it difficult in locating
the surfaces of the PA66 matrix. When cryogenically fracturing the extrudate in Figure 6a, voids are
left behind on the surface of the samples. These voids are holes left by the sliding of graphitic sheets
not interacting with the matrix, as they are being pulled out from their center. The nature of the pullout
structure left behind suggests some flakes are ‘locked in.’ It is also interesting to note that pulled out
sections leave behind corrugated steps at the edges of exfoliate, seen in Figure 6.

When looking at Figure 6b, a more detailed image is shown of the step morphology left by the
process. Following along the steps in Figure 6b we notice what appears to be a rolled edge, with
the direction of rolling applied to the left in the micrograph. The development of this rolled edge
structure seen in the image, is presumably caused by frictional forces imposed by the matrix. The
peeling leaves behind a nanosheet, which is shown to be ripped at the edge. If you follow the edge
where the ripping occurs, you can see PA66 attached or adhered to its surface. This rolled structure
with the edged attached PA66 is an indication of matrix interactions with the nanoflake graphitic
structure. The morphology provides clues to the mechanism of exfoliation in this process.
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Figure 6. (a) Surface of cryogenically fractured G-PA66 20 min composite at low magnification;
(b) Graphitic edge overhanging polymer in G-PA66 20 min composite.

To observe the created graphene in the absence of the extrudate matrix, cryogenic milling was
performed on the 30 min G-PA66. In Figure 7, large area nanographite and many layer graphene
is shown having what looks like an elongated shape. Focusing on the edges of the newly created
flakes, a jagged and then smooth structure is noticed. By following those edges on the right side of the
micrograph, the rolled section appears smooth. Comparing this discovery to the previous Figures, this
suggests that the other smooth sections are folded over sheets of many layer graphene, created by the
frictional force of the molten polymer.
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Figure 7. Cryogenically milled G-PA66 20 min showing transparency of exfoliated graphene flake, at
high magnification.

What is interesting in Figure 7, is the transparency of the large area flakes to the electron
microscope. Folded sections, as previously mentioned, shows the presence of additional wrinkles and
folding structures under the layered graphene sheets. The transparency suggests that graphene is
being created, otherwise transmission would be extremely difficult for nanographite flakes.

What is difficult to find, is a distinct indication of the PA66 with the graphene in Figure 6b.
What we do find is that the transparent surfaces of the flake are littered with bright surface and edge
features. What these features represent is still not fully known. We do know that given the analysis
technique, Insulators/nonconductors in SEM cause charge buildup in their surface. In that this charge
buildup presents itself as bright spots in produced micrographs [37]. PA66 is known to have such
low conductivity, that it is an electrical insulator. The bright spots are likely to be edges containing
PA66, PA66 alone, or a combination of both. Observing the micrographs, we see the pristine surfaces,
which stress the point that our novel exfoliation preserves the in-plane surface structure of graphene.
A traditional chemical method of graphene creates surface defects, wrinkles and holes; which never
simply retain such pristine surfaces [38,39].
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3.4. Transmission Electron Microscopy

The first thing noticed from the HR-TEM analysis is that from the low magnification image, the
process produces graphene and nanographite composite flakes of varying sizes Figure 8a. Theses sizes
consist of a combination of few layer graphene (2–5 layers), many layer graphene (5–10 layers) and the
rest containing nanographite (<100 nm in thickness) [40]. In Figure 8b, 5 individual layers of graphene
sheets are identified, while having the on the edge structure in focus. Following along the same figure,
the sheets are noted to folding upward; representative of a feature inherent to graphene, due to stresses
at the edge [41]. Looking closer in Figure 8c, a continuous structure is noticed on the steps of the
nanographite (the number of counted steps exceeds 10 layers), containing a smaller periodicity on the
order of ~0.246 nm in size. 0.246 nm is known to be the lattice parameter of graphite, representing
the distance between carbon atoms along a single direction in the surface of a graphene flake. Given
the size of the smaller periodicity, the surface structure is believed to be a 1 to 2 layer graphene
sheet draped along the edge. This is an indication from the previous statement that nanographite to
graphene with a (002) smaller than 14.8 nm exist within the G-PA66 composite. This provides evidence
that a multiscale layers of graphene and nanographite exists within this composite.
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Figure 8. (a) Low Magnification micrograph of isolated 20 min G-PA66 flake on lacey carbon
surface; (b) High magnification micrograph of rolled edge of many layer graphene; (c) High
magnification micrograph of edge containing nanographite, many layer and few layer graphene;
(d) High magnification micrograph containing many layer graphene.

Taking a step back and looking at the arrangement of the flakes, many layer graphene and
nanographite are shown to be orientated in multiple directions in Figure 8c,d. These structural
disruptions are indicative of turbostratic graphite; where the c-axis stacking sequence is either rotated

131



Polymers 2018, 10, 1399

or completely disrupted. These turbostratic layers are confirmed by the diffraction results; where
they exhibit an increase in the c-axis spacing of the graphene layers. In this case, G-PA66 that was
characterized, was mixed for 45 min; which suggests this to have a spacing of 0.3386 nm; having a
0.0042 nm lattice increase.

4. Conclusions

In our novel process, elongational exfoliation in the molten phase led to the formation of pristine,
large area nanographite and multilayer graphene flakes. These results are confirmed from HR-TEM
and morphology in electron microscopy. From HR-TEM and XRD, the resulting process identified that
the graphite was exfoliated, leading to the disruption of the graphene layers in the composite and a
76% reduction in the initial (002) domain size. In-situ, a misalignment is described by a rotation of the
graphene layers and conversion to a turbostratic phase. The model of graphite exfoliation revealed that
the process is diffusion driven, with intercalation of the PA66 within the graphite galleries. In addition
to diffusion, the process is found to tear and fold the outer layer sheets in graphite creating instance
for the formation of dangling bonds. The results of which, preclude to a solvent-less method to
functionalization graphene. The morphology created changes in the hydrogen bonded structure,
given by changes in the lattice and domain in the (100) and (010) crystalline plane. Changes lead to
preferential crystal growth in the hydrogen bonded direction, resulting in changes to the Tm and Tg.
Due to these changes, the graphene exfoliate is found suppresses the crystallization in PA66, leading
to a modified microstructure.

The G-PMC created by the process, shows graphene to be created due high shear. The results
show a single step approach to create as well as modify graphene. Further investigation into this
work may reveal a better description of the interfacial properties of these two species and the type of
bonding present. This may provide ways of modifying the interface functionality in a scalable process
and further exploiting the capabilities of elongational flow. This in-turn drives down cost, which is an
important variable in adaptation and scalability.
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Abstract: To improve the interfacial bonding and thermal stability of graphene oxide
(GO)/polypropylene (PP) composite fibers, a composite fiber with PP as the matrix, GO as
reinforcement and maleic anhydride-grafted PP (PP-g-MAH) as a compatibilizer was prepared
by a simple and efficient melt-blending method. The GO content was 0.0–5.0 wt %. According to the
Fourier Transform Infrared (FT-IR) spectroscopy results, the interfacial bonding in the PP/MAH/GO
composite fibers was improved. The Dynamic Mechanical Analysis (DMA) results show that the
addition of GO resulted in better interfacial adhesion and higher storage modulus (E′). The loss
modulus (E”) of the PP/MAH/GO-x composite fibers increased with increasing amount of added GO,
whereas the loss factor (tan δ) decreased. GO and PP-g-MAH were analyzed by Thermogravimetric
Analysis (TGA). The thermal stability of the composite fibers was improved compared to PP.
Differential Scanning Calorimetry (DSC) analysis showed that the addition of PP-g-MAH to the
composite fiber improved the interfacial bonding of GO in the PP matrix. Thus, compatibility between
the two components was obtained. Based on the Scanning Electron Microscopy (SEM) results, the PP
fibers exhibited relative orientation due to the strong crystalline morphology. The rough section,
PP/GO blend fiber exhibits a very clear phase separation morphology due to the incompatibility
between the two and the compatibility of GO and PP in PP/MAH/GO-3 composite fiber is improved,
resulting in the interface between the two has improved.

Keywords: graphene oxide; polymer composite fiber; interfacial bonding; polypropylene;
thermal stability

1. Introduction

Polypropylene (PP), a thermoplastic polyolefin, has excellent characteristics such as low cost, high
strength, good dimensional stability, friction resistance and chemical resistance. PP is widely used in
textile fibers, packaging and labelling and automobiles parts, industries, agriculture and other fields
have been widely concerned in recent years [1]. However, the non-polar chain structure of PP makes
it difficult to combine with reinforcing materials [2]. Nowadays, this is a problem which should be
solved. Therefore, considerable research has been done on the development of materials with modified
PP. The modification of PP can be done using the ultraviolet light irradiation grafting method [3,4],
plasma graft modification method [5,6] and melt-blending method [7]. The melt blending of polymers
is a convenient and effective method for designing new high-performance polymers [8]. Blends of
two or more polymers can balance performance, highlighting the respective advantages of the blends
to mask the disadvantages. However, due to their different chemical structures and polarities, most
polymer blends are thermodynamically immiscible and exhibit poor mechanical properties, poor
interfacial adhesion and unstable morphology [9]. Therefore, we used maleic anhydride-grafted PP
(PP-g-MAH) as a compatibilizer. The MAH group on the PP-g-MAH segment helps to improve the
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compatibility between graphene oxide (GO) and PP [10,11], thereby improving the interfacial bonding
between GO and PP.

In recent years, inorganic nanomaterials have provided new modification methods for
incompatible blends, such as carbon black [12], nanoclay [13], carbon nanotubes [14], graphene
and its derivatives [15] and glass fibers [16]. Among inorganic nanomaterials, GO has a typical
quasi-two-dimensional structure [17] and its layer contains many oxygen-containing groups. Because
of its high specific surface energy, good hydrophilicity and good mechanical properties [18], GO is
considered as an ideal polymer nano-based composite fiber additive for polymers. Tiwari et al.
investigated the effects of different GO loadings on the compatibility, thermomechanical and
morphological properties of incompatible PP/polycarbonate polymer blends [19]. Botlhoko et al.
comparatively investigated the effects of graphite (G) and GO dispersions on the thermal, mechanical
and rheological properties of biodegradable polylactide (PLA)/poly(07-caprolactone) (PCL) blends [20].
Wang et al. employed GO as a two-dimensional nanofiller and nucleating agent to improve the
properties of immiscible PLA/PCL blends with weight ratios of 70/30, 50/50 and 30/70 [21]. Chen et al.
prepared polyamide-6/graphene-graphene oxide composites with super-high thermal conductivity
through in situ polymerization and the interface adhesion enhanced by adding small amounts of
graphene-GO [22]. Meng et al. prepared polyamide-6/graphite nanoflakes by situ intercalation
polymerization approach for enhanced thermal conductivity [23].

In this study, PP was used as the matrix, GO was used as a reinforcement and PP-g-MAH
was used as a compatibilizer. Composites containing GO contents of 0.0–5.0 wt % were prepared
using a melt-blending method. The interfacial bonding properties, thermal properties, mechanical
properties and morphological characteristics of the composite fibers were studied with GO content as
the independent variable.

2. Experiment

2.1. Materials

Polypropylene (melt flow rate 8.0 g/10 min) was purchased from Sinopec Hainan petrochemical
Co., Ltd. (Yangpu Economic Development Zone, Hainan, China); Maleic anhydride grafted
polypropylene (MA content of 1.3%, melt flow rate of 150 g/10 min at 230 ◦C and 2.16 kg) was
supplied from Hebei Xintianqi Plastic Co., Ltd., (Hebei, China); Multilayer graphene oxide (thickness
3.4–7.0 nm, sheet diameter 10–50 µm)was purchased from Suzhou Tanfeng Technology Co., Ltd.,
Suzhou, China.

2.2. Preparation of Composite Fiber

PP and PP-g-MAH were first mixed in proportion and the mixture was melt-compounded and
extruded with different contents of GO using a Huck single-screw extruder (HAAKE Polylab OS,
Karlsruhe, Germany). This experiment used the single hole spinneret with a diameter of 1.5 mm.
To effectively mix the mixture, the temperature of the single-screw extruder from the barrel to the head
was set to 150, 180, 200 and 200 ◦C. The screw speed was fixed at 20 rpm. A schematic diagram of
the melt spinning device is shown in Figure 1. The extruded mixture was cooled by cold water and
dried in an oven for 24 h for subsequent testing and analysis. The GO content in PP/PP-g-MAH (3/1)
ranged from 0.0 to 5.0 wt %. The composite fibers were named PP/MAH/GO-x, where x represents
the GO weight percentage.
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Figure 1. Schematic diagram of the melt spinning device.

2.3. Characterization

The molecular structure of the composite fiber was analyzed by Fourier Transform Infrared
spectroscopy (FT-IR, Waltham, MA, USA). The sample to be tested and the potassium bromide powder
were thoroughly ground and mixed in an agate mortar at a mass ratio of 1:100. Press into the mold
and press into a sheet on the press. The spectral range is 4000–500 cm−1.

The dynamic storage modulus and loss tangent angle of the composite fiber were measured by a
Dynamic Mechanical Analyzer (DMA-Q800, TA, New Castle, DE, USA). The sample clamping length
was 10.5 ± 0.5 mm and the diameter was 1.3 ± 0.1 mm. In the tension mode, the temperature range
was −50 ◦C–150 ◦C. The heating rate was 5 ◦C/min and the frequency was 1 Hz.

The thermal stability of the composite fibers was tested using a Thermogravimetric Analyzer
(TGA, SDT-Q600, TA, New Castle, DE, USA). About 10 mg of the sample was placed in the SDT-Q600
at a heating rate of 10 ◦C/min, rising from room temperature to 550 ◦C.

The Differential Scanning Calorimeter (DSC-Q2000, TA, New Castle, DE, USA) was used to identify
the thermal transition behavior of the composite fiber. About 10mg of the sample was placed in the
DSC-Q2000 at a heating rate of 10 ◦C/min, rising from −50 ◦C to 200 ◦C, naturally cooling to 30 ◦C,
eliminating the heat history and then, the glass transition temperature (Tg) of the sample was tested
under a nitrogen atmosphere at a temperature increase rate of 10 ◦C/min from −50 ◦C to 200 ◦C.

The cross-sectional morphology of the composite fibers was characterized by Scanning Electron
Microscopy (SEM, JSM-7800F, JEOL, Tokyo, Japan). The fibers were quenched at low temperature in
liquid nitrogen and their cross sections were observed.

3. Results and Analysis

3.1. FT-IR Analysis of Composite Fibers

Figure 2 shows the infrared spectra of pure PP, GO, PP/GO blend fibers and PP/MAH/GO-3
composite fibers. The absorption band of PP (Figure 2a) has four main characteristic peaks and the
characteristic absorption peaks at 2951 and 2872 cm−1 correspond to the asymmetric and symmetric
stretching of the methyl group. The characteristic absorption peaks at 2920 and 2850 cm−1 are
attributed to the asymmetric and symmetric stretching of the methylene groups. The characteristic
absorption peak in the spectrum of GO (Figure 2b) at 1727 cm−1 corresponds to the stretching of
C=O. The characteristic absorption peaks at 1621 and 1384 cm−1 are attributed to the stretching of
C=C and –OH, respectively. The hydroxyl group in GO acts as a reactive group that chemically
interacts with the MAH group to improve the interfacial bonding between GO and PP. The infrared
spectrum of the PP/MAH/GO composite fiber shows new absorption peaks at 2923 and 2854 cm−1,
corresponding to the stretching of –CH2 on the PP-g-MAH molecular chain. The characteristic
peak at 2951 cm−1 is attributed to –CH3 stretching. When two polymer materials are blended,
if simple physical blending alone does not produce intermolecular forces, the FT-IR spectrum of the
blend will simply be a superposition of the spectra of the two components, as for the PP/GO fibers
(Figure 2c). If intermolecular interactions (e.g., hydrogen bonds) occur between the two components
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of the blend, a new spectrum that is not simply the superposition of peaks will be generated, as for the
PP/MAH/GO composite fibers. The generation of hydrogen bonds causes some absorption peaks to
shift in position and shape. The anhydride group of MAH can be esterified with the macromolecular
alcohol hydroxyl group under melt-blending conditions and the intermolecular reaction improves
the interfacial compatibility between the blend components to some extent. After adding MAH,
the PP/MAH/GO-3 (Figure 2d) composite fibers and pure PP fibers showed similar peaks. However,
it belongs to the vibration absorption peak of the ester-based band (at 1127 cm−1) and the stretching
vibration peak of C=C (at 1621 cm−1) and the intensity increases remarkably. This indicates that in
the experimental range, in addition to the physical state mixing of GO and PP-g-MAH molecular
chains in the PP/MAH/GO composite fibers, a certain degree of esterification occurred. The reaction
mechanism is shown in Figure 3. The esterification reaction promotes the compatibility between the
molecular chains, thereby improving interfacial bonding in the PP/MAH/GO composite fibers.

Figure 2. FT-IR analysis chart (a) PP; (b) GO; (c) PP/GO blend fiber; (d) PP/MAH/GO-3 composite fiber).

Figure 3. Composite fiber reaction mechanism diagram.

3.2. Dynamic Mechanical Properties of Composite Fibers

DMA is an effective method for evaluating the interfacial interactions in reinforced composite
fibers. To characterize the mechanical properties of composite fibers with different GO weight fractions
as a function of temperature, the dynamic mechanical data, storage modulus (E′), loss modulus (E”)
and loss factor (tan δ) were evaluated (Figure 4).

Figure 4a shows the E′ values of pure PP fibers, PP/GO blended fibers and PP/MAH/GO-x
composite fibers as functions of temperature. E′ is similar to the bending modulus (E), which describes
the stiffness of the material. Compared to pure PP, the storage modulus temperature of PP/GO blend
fibers and the change are similar to those of pure PP fibers. However, the E′ values of the blended fibers
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are higher than that of pure PP because of the presence of GO. The high E′ value of the PP/MAH/GO-x
composite fibers indicates good interfacial adhesion.

Figure 4. DMA image of pure PP and composite fibers: (a) E′; (b) E”; (c) tan δ.

Figure 4b shows E”, which generally indicates the viscosity of the material, as a function of time
for the pure PP fibers, PP/GO blended fibers and PP/MAH/GO-x composite fibers. Similar to E′, E”
also increased upon the addition of GO. This phenomenon is attributed to the interactions between
the fibers and matrix, which limit the movement of PP molecules, resulting in a higher viscosity and
increased E”. On the other hand, if the fibers interact very strongly with the matrix, E” will decrease
because of the absence of fiber slip and energy dissipation. This is why E” of PP/MAH/GO-5 is lower
than E” of PP/MAH/GO-3. This conclusion is consistent with Wei et al. [2].
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In general, the peak temperature of the loss factor corresponds to the glass transition temperature
(Tg) of a material. In a binary blend without a compatibilizer, the loss factor has two peaks in the
curve over time. These peaks correspond to the Tg values of both materials. After the addition of
compatibilizer, the dispersibility of the dispersed phase is improved, the interaction between interfaces
is enhanced, the degree of bonding between particles is improved and the compatibility of the system is
remarkably improved. However, a homogeneous blended system is equivalent to a random copolymer.
Thus, there is only one Tg value and only one peak in the loss factor curve. As the compatibility of
the blend improves, the Tg values of the two phases in the blend will interact with each other. Close,
there is a tendency to form a Tg [2]. Figure 4c shows plots of tan δ for pure PP, PP/GO blended fibers
and PP/MAH/GO composite fibers. The loss factor of the PP/MAH/GO composite fibers showed
only one peak, which corresponded to the Tg of PP. This indicates that the compatibility between
PP and GO increased after adding PP-g-MAH, which is consistent with the FT-IR results. Moreover,
the tan δ values of all composite fibers are lower than those of pure PP fibers, which is attributed to
the strengthening of GO and the limitation of polymer molecular motion. As shown in Table 1, the
maximum loss factor decreased as the amount of added GO increased.

Table 1. The DMA analysis results of pure PP and composite fibers.

Sample Name E′(MPa) E”(MPa) tanδmax Tg (◦C)

PP 2913 253 0.296 −17.91
PP/GO 2188 241 0.235 −16.56

PP/MAH/GO-0.3 1923 212 0.14 −16.15
PP/MAH/GO-0.5 1439 99.8 0.12 −10.61

3.3. TGA of Composite Fibers

To analyze the degradation temperature and thermal stability of the composite fibers, TGA
was conducted. Figure 5 shows weight losses of pure PP and composite fibers with temperature.
The thermal degradation of pure PP mainly occurred in the range of 410 ◦C to 470 ◦C. With the addition
of PP-g-MAH, the initial degradation temperature of the blend shifted into the high-temperature zone,
indicating that the addition of PP-g-MAH increased the thermal stability of the composite fibers.
This phenomenon is explained as follows. On one hand, PP-g-MAH itself has a certain degree of
crystallinity and heat resistance and is capable of absorbing a certain amount of heat and storing it
in the form of heat energy. On the other hand, the interaction between GO and PP-g-MAH causes
the concentration of the entanglement point to increase, which increases the outward diffusion of
thermal energy to a certain extent and hinders alkyl oxygen cleavage. Thus, the thermal stability of the
composite fibers is improved with respect to PP. These results are consistent with the FT-IR spectra.

Figure 5. TGA image of composite fibers.
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3.4. Thermal Transition Behavior Analysis of Composite Fibers

The crystallization temperature (Tc) of the PP fibers, PP/GO fibers and PP/PP-g-MAH/GO
composite fibers were determined by DSC (Figure 6). The Tc peak is usually used to indicate the
crystal structure. The Tc of the PP fibers was 115.8 ◦C and a semi-crystalline state formed as a result
of the rapid crystallization rate of PP. No glass transition pattern or cold crystallization temperature
was detected in the PP fibers. After adding GO, the Tc of the composite fibers increased, which is
attributed to an increase in GO nucleation ability. Adding PP-g-MAH to the composite fiber improved
the interfacial bonding of GO in the PP matrix along with the compatibility between the reinforcement
and matrix and it is difficult to crystallize. Therefore, the Tc of the PP/PP-g-MAH/GO composite
fibers shifted towards lower temperature.

Figure 6. Crystallization temperature curve of PP, PP/GO and PP/PP-g-MAH/GO composite fibers.

3.5. SEM of Composite Fibers

To detect the effect of interfacial bonding between GO and the PP matrix, the images of PP fibers,
PP/GO blended fibers and PP/MAH/GO composite fibers at low temperature fracture interface were
obtained by SEM (Figure 7). Figure 7a shows a cross-sectional view of pure PP fibers under liquid
nitrogen, revealing a relatively rough cross section attributed to the strong crystalline morphology
of PP. Figure 7b shows a cross-sectional SEM image of a PP/GO blended fiber. As a result of the
incompatibility between PP and GO, the interface in the PP/GO blended fiber is clear and a distinct
phase separation is apparent. Figure 7c shows a cross-sectional SEM image of a PP/MAH/GO-3
composite fiber. The compatibility between GO and PP in the composite fiber was improved with
respect to the PP/GO fiber, in agreement with the FT-IR and DMA results.

Figure 7. SEM image of low temperature fracture interface of PP, PP/GO blended fiber and PP/PP/GO
composite fiber (a) pure PP fiber; (b) PP/GO blend fiber; (c) PP/MAH/GO-3 composite fiber).

4. Conclusions and Prospects

In this study, PP was used as the matrix, GO was the reinforcement and PP-g-MAH was the
compatibilizer. Composite fibers with GO contents of 0.0–5.0 wt % were prepared by a simple and
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efficient melt-blending method. FT-IR, DMA and DSC showed that the compatibility between GO
and PP along with the interfacial compatibility in the PP/MAH/GO composite fibers were improved
compared to in the PP/GO blended fibers. TGA demonstrated that the thermal stability of the
composite fibers was higher than that of PP. SEM analysis verified that the PP fibers showed relatively
rough cross sections resulting from the strong crystalline morphology of PP. The PP/GO blended
fibers showed clear phase separation resulting from the incompatibility between the two phases.
Compared to the PP/GO blended fibers, the compatibility between GO and PP was much improved in
the PP/MAH/GO-3 composite fibers, resulting in enhanced interfacial bonding between GO and PP.
The current study is only the first step in studying the performance of PP nonwoven materials. In the
future, composite fibers will be used for the preparation of PP nonwoven fabrics and their antistatic
properties, aging resistance, electrical conductivity and comfort performance will be evaluated.
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Abstract: The corrosion behavior of zinc-rich epoxy primers or paints (ZRPs) with different conducting
polyaniline-grafted graphene (PANI/Gr) contents was investigated. Conductivity of the formed
PANI/Gr nanosheets was significantly improved by employing the Gr as the inner template to
synthesize the PANI. The protective properties and electrochemical behavior of coatings with artificial
defects were investigated by monitoring the free corrosion potential versus time and by using localized
electrochemical impedance spectroscopy (LEIS). A synergetic enhancement of the physical barrier role
of the coating and the zinc sacrificial cathodic protection was achieved in the case of ZRP including
PANI/Gr nanosheets. In addition, the ZRP mixed with the PANI/Gr at a content of 0.6% exhibited the
best anticorrosion performance across the range of investigated PANI/Gr contents.

Keywords: conducting polymer; PANI; LEIS; graphene; corrosion

1. Introduction

Organic coatings are applied to protect steel from corrosion due to their inhibition behavior,
barrier function, and cathodic protection [1]. Zinc-rich epoxy primers or paints (ZRPs) are widely
used as cathodic protection in a variety of severe environments via two protective mechanisms. First,
sufficient electrical contact between coating and substrate is established because of the high zinc
content. After the electrolyte diffuses into the coating, the zinc particles provide cathodic protection via
the sacrificial anodic dissolution, thereby promoting the electrochemical process of a Zn–Fe microcell.
Second, the zinc corrosion products (i.e., zinc oxide, zinc hydroxide, and hydrozincite) fill the coat
pores and may also act as an electrical insulator under normal conditions [2]. As the organic and
inorganic binders which are commonly used in ZRPs are naturally non-conductive, the electrical
contact between the spherical zinc particles and steel substrates could not be maintained for a long
time. Therefore, high zinc content (normally higher than 65 wt %) is necessary to ensure electrical
conductivity [3]. Nevertheless, the utilization ratio of the zinc particles is very low [4], which is a waste
of resources and results in environmental pollution.

Numerous efforts have been made to prolong the ZRP’s lifetime through two routes. One way is
to improve the barrier effect of the ZRP with graphene oxide (GO) [5], nano clay [6], TiO2 [7], and so
on. The addition of these fillers could extend the diffusion path of the electrolyte, which can reduce
the rate of zinc particle consumption. However, the utilization ratio is still low. The other way is to
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improve the conductive property of the coatings by introducing different types of electrical conducting
additives, for example, grephene (Gr) [8], polypyrrole (PPy) [4], polyaniline (PANI) [9,10], carbon
nanotube (CNT) [11], carbon black [12], Al [13–15], and Co [16]. The improved conductive property
could make it easier to link zinc particles and the steel substrate. In this way, the utilization ratio of
zinc particles is increased while good conductivity often results in a decreased barrier effect due to the
easy charge transfer.

Hayatdavoudi and Rahsepar [8] applied Gr to modify a ZRP coating, and pointed out that the
presence of Gr nanosheets in the ZRP coating could provide not only an improvement in electrical
contact but also an enhanced barrier against aggressive species. The impedance value was very
low, almost under 1 kΩ·cm2, which may be attributed to the superior conductivity of the coating by
adding the good conductive Gr. Interestingly, Ramezanzadeh et al. [5] employed highly crystalline
and conductive PANI/GO composites as an additional filler into a ZRE coating. They revealed that GO
acted as a barrier and PANI enhanced the conductive behavior, which resulted in a higher cathodic
protection duration. We compared the effects of Gr, PANI, and polyaniline-grafted graphene (PANI/Gr)
on the corrosion performance of ZRPs [17], and considered that the combined PANI/Gr was a more
effective strategy to enhance the protection performance of ZRP coatings compared to Gr. However,
the quantity of added PANI/Gr nanosheets must be optimized to enhance the protection performance
of ZRP coatings. Thus, in this work, the corrosion behavior of ZRP samples was studied with different
PANI/Gr contents in the range of 0–0.8 wt %. The influence of PANI/Gr content on the corrosion
protection behavior was evaluated in 3.5% NaCl solution by electrochemical impedance spectroscopy
(EIS) and by monitoring the free corrosion potential versus time. Localized electrochemical impedance
spectroscopy (LEIS), scanning electron microscopy (SEM) coupled with energy-dispersive X-ray
spectroscopy (EDS), and X-ray photoelectron spectroscopy (XPS) were also utilized to support the
electrochemical mechanism findings.

2. Materials and Methods

Gr nanosheets with thicknesses of 1–5 nm and widths of several microns were obtained from
XianFeng Nano Co. (Suzhou, China). The conductivity of the purchased Gr nanosheets was in the
range of 1200–1500 S cm−1. Aniline monomer (Ani) with purity of 99% purchased from Aladdin Co.
(Shanghai, China) was used without any pretreatment. All the other chemicals were of analytical
grade and were used without further purification. The solutions were prepared using double-distilled
and subsequently deionized Millipore water. DH32 steel obtained from Baowu Steel Co. (Shanghai,
China) was used as the substrate. Specimens for the corrosion measurements were cut from the DH32
steel to a size of 10 × 10 mm. Prior to the experiment, the specimen surface was ground to an 800-grit
SiC paper, then degreased ultrasonically with acetone and ethane, and washed with triply distilled
water. Following this pretreatment, the steel as work electrode was immediately transferred to the
electrochemical cell.

Synthesis of PANI/Gr: PANI/Gr composites were prepared by in situ chemical polymerization of
Ani on Gr. In a typical synthesis, a 100 mg portion of Gr was first dispersed in 200 mL 0.1 M sodium
dodecyl benzene sulfonate (SDBS) by ultrasonic treatment for 2 h under ambient conditions to give a
dark dispersion. Then, the suspension was cooled to 2 ◦C in an ice-water bath. Ani monomer with a
volume of 1 mL was dissolved in 20 mL 0.2 M HCl and the mixture was injected into the previous
suspension with an injection springe, then further dispersed for 1 h with strong stirring. Afterwards,
an equal volume of a 0.25 M ammonium persulfate (APS) solution was slowly added dropwise into
the above mixture and kept at 0–4 ◦C for 24 h with strong stirring. Finally, the PANI/Gr composites
were washed with distilled water and ethanol, dried in a vacuum oven at 60 ◦C for 24 h. The weight
ratio was evaluated by comparing the product weight with the presence and absence of Gr during the
PANI synthesis procedure under the same conditions. The synthesis procedures are schematically
presented in Figure 1.
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Figure 1. The synthesis procedures of polyaniline-grafted graphene (PANI/Gr).

2.1. Characterization of the Functional Nanoparticle or Composites

The synthesized PANI powder and PANI/Gr were characterized by SEM, TEM, Fourier-transform
infrared spectroscopy (FT-IR), and Raman spectroscopy (RS). The surface morphologies and
compositions were characterized using a SEM-EDS, JSM-6510LA (JEOL, Tokyo, Japan). The TEM
observation were carried out on a JEM-2100F (JEOL, Tokyo, Japan). The formed PANI layer was
analyzed by RS and FT-IR. For RS, a Raman polychromator spectrometer (Bunko-Keiki M30-TP-M,
Tokyo, Japan) was used with excitation by YVO4 solid-state laser at 532.0 nm wavelength. The laser
power for the excitation was controlled below 5 mW to avoid damage to the PANI films. FT-IR
spectra were measured in the wavenumber range of 4000–400 cm−1 at a resolution of 4.0 cm−1 by
using Vertex-70 (Bruker, Ettlingen, Germany). XPS measurements were performed on a JPS-9200
(JEOL, Tokyo, Japan) with a Mg Ka (1253.6 eV) radiation. The calibrations of the binding energies were
referenced to the Au 4f7/2 electron peak at 84.00A eV. The DC electrical conductivity of the powder
was measured using a multifunction digital four-probe electrical conductivity measuring instrument
(ST4742B, Suzhou Jingge Electronic Co. Ltd., Jiangsu, China). The AC dielectric properties of the
ZRP coatings treated with different pigments were determined using an impedance analyzer Agilent
E4980AL (Agilent, Santa Clara, CA, USA).

2.2. Preparations of Coated Specimens

A commercially available ZRP (provided by Sanmu Group Co., Jiangsu, China) was used to
prepare various coating compositions. The ZRP containing 80 wt % zinc particles was composed
of an epoxy resin (E44) and a polyamide hardener (T31) with the weight ratio of 4:1. To prepare
the PANI/Gr-modified ZRP (PANI/Gr-ZRP) coating, different weight percentages were dissolved in
dimethylbenzene by ultrasonic stir for 30 min and then added into the epoxy resin containing 80 wt %
zinc. After stirring at room temperature until volatilization of dimethylbenzene finished, the resin
was coated onto the DH32 steel. The samples were exposed to air for one week to ensure the absolute
solidification of the resin. The ZRP formulation containing PANI/Gr is numbered and given in Table 1.
Thickness of the coatings was determined using a PosiTector6000FNS2 probe (DeFelsko Co. Ltd.,
Ogdensburg, NY, USA), a coating thickness measuring instrument.

Table 1. Composition of the investigated zinc-rich paint (ZRP) coatings.

Sample Zinc (wt %) PANI/Gr (wt %) Thickness (µm)

PANI/Gr0-ZRPs (control) 80 0 60 ± 3.4
PANI/Gr0.4-ZRPs 80 0.4 60 ± 2.7
PANI/Gr0.6-ZRPs 80 0.6 60 ± 5.3
PANI/Gr0.8-ZRPs 80 0.8 60 ± 4.6

2.3. Corrosion Test of the Modified ZRPs

The protection properties of the PANI/Gr on the DH32 steel were studied in a solution containing
Cl− at 25.0 ± 0.3 ◦C under atmospheric conditions, in which the open circuit potential (OCP) and EIS
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were measured. In order to study the effect of the PANI/Gr nanocomposite segments on the cathodic
sacrificial behavior of the ZRPs, the coated samples were first immersed into a 3.5 wt % NaCl solution
for 24 h. Then, an artificial defect with a size of 10 × 0.2 mm (which means the defect penetrated the
coating) was induced for each coated sample. The samples with artificial defect were then immersed
into the NaCl solution, and the OCP was monitored during the whole period of immersion.

Electrochemical impedance spectroscopy (Autolab, Metrohm, Zurich, Switzerland) was used to
evaluate the protection capacity of the steel sheets coated with ZRP and PANI/Gr-ZRP. A conventional
three-electrode electrochemical cell, composed of platinum as counter electrode, a saturated calomel
electrode (SCE) as reference, and the coated steel panel as working electrode, was used to carry out the
electrochemical tests in 3.5 wt % NaCl solution. The test was done at OCP in the frequency range and
amplitude sinusoidal voltage of 10−2 Hz to 105 Hz (peak to zero) and 20 mV, respectively. The software
program ZSimpwin (E Chem Software, Ann Arbor, MI, USA) were used to fit the impedance data.

Localized electrochemical impedance spectroscopy (LEIS) of the coatings in the presence of an
artificial defect of 2 × 0.2 mm was performed on an M470 scanning electrochemical workstation
(Bio-Logic, Paris, France). A three-electrode cell was used to perform the LEIS measurement. An
SCE and a carbon rod were used as the reference electrode and the counter electrode, respectively.
The coated sample was studied as the working electrode. During LEIS testing, a distance of 100 µm
was adjusted from the electrode surface to a microprobe Pt tip with a tip diameter of 5 µm. A current
signal with amplitude of 10 µA at a single frequency of 10 Hz was generated by the electrochemical
workstation to finish the LEIS measurements. All the potentials in this paper were plotted with respect
to the Ag/AgCl/sat. KCl (0.197 V vs. Standard hydrogen electrode(SHE)). The sacrificial protection
performance of the samples with X-cut scribes was investigated in a 5 wt % NaCl solution at 45 ◦C by
salt spray test in a salt spray cabin KLT-90 (China Electronics Technology Group Co., Beijing, China).

3. Results

3.1. Characterization of the PANI/Gr Composites

Since the conductivity of additions would significantly influence the corrosion performance of
the ZRP primer, the conductivity of the addition was therefore first measured. Figure 2a shows the
conductivities of the synthesized PANI particles and PANI/Gr nanosheets. The conductivity of the
PANI sample was evaluated at 5 S cm−1, which was comparable to the results of Stejskal and Gilbert [18]
and Meroufel et al. [19], indicating the formation of the emeraldine salt (PANI-ES) state. However,
the conductivity after introducing the Gr during the in situ synthesis process increased to 150 S cm−1,
which is more than one order of magnitude. It must be noted that although the modification of Gr with
SDBS decreased the conductivity of the Gr, the conductivity of the pretreated Gr was still much higher
than that of the synthesized PANI/Gr composites. The results of the DC conductivity measurement
indicated that the PANI was successfully synthesized on the surface of Gr, and the formation of PANI
on the surface of Gr reduced the conductivity of the Gr. During the synthesis procedure, when Ani
monomers were added into the Gr suspension, the Ani monomers (being the electron donor) could
immediately absorb onto the surfaces of Gr (being the electron acceptor) and form a type of weak
charge transfer complex due to the electrostatic attraction [20]. The weight ratio of the PANI to Gr in
the synthesized PANI-Gr composites was analyzed by comparing the product weight with the presence
and absence of Gr during the PANI synthesis procedure under the same conditions, the results of
which indicated a ratio of nearly 2:1. Then, the AC conductivity of the ZRP coatings treated with
the above pigments was evaluated. As shown in Figure 2b, compared to the ZRP coating, the AC
conductivity of the ZRP coatings was improved to different degrees after the dispersion of the PANI,
PANI/Gr, and Gr conductive pigments. Therefore, considering the excellent barrier property of PANI,
it was assumed herein that the inclusion of PANI/Gr nanocomposites with a reasonable content in ZRP
would obtain a better synergistic protection of the barrier and cathodic protection of the ZRP coating.
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Figure 2. (a) The DC conductivity results of the synthesized PANI, the PANI/Gr nanocomposites, and
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The characterization of the synthesized PANI/Gr composites was carried out by SEM, TEM,
FT-IR, and Raman, as shown in Figure 3. The SEM images reveal that the synthesized PANI/Gr
nanocomposites consisted of nanosheets with a thickness of nearly 10–20 nm, which is thicker than
the Gr nanosheets. A high-resolution SEM image is given in Figure 3b, in which PANI nanosheets
consisting of small nanodots are observed. In the synthesis process, the aniline monomer was initially
adsorbed onto the surface of the graphene nanosheets due to electrostatic attractions, and then in
situ polymerization took place. From the TEM observation, the typical wrinkled structure of Gr
remained after PANI grafting, as demonstrated in Figure 3c,d. The formation of PANI on Gr was
characterized with FT-IR and Raman spectroscopy. Figure 3e compares the FT-IR spectroscopy of
pristine Gr with the PANI/Gr nanocomposites. The stretching modes of C–C and C=C in the Gr
occur at the absorptions of 1402 and 1580 cm−1, respectively. The presence of the surface functional
groups on graphene after PANI grafting was further confirmed by FT-IR. The O–H and N–H stretching
modes give rise to the strong broad band at 3429 cm−1 and weak band at 3227 cm−1, respectively.
The C–H stretching band of the aromatic ring occurs at 2922 cm−1, and the absorption peak intensity
increased obviously due to the PANI formation to the surface of Gr. Other characteristic peaks related
to the PANI structure can also be seen at 1580 cm−1, 1491 cm−1, and 1299 cm−1, which are assigned to
C–C=C conjugative backbone stretching, C=N stretching, and C–N stretching vibration with aromatic
conjugation, respectively [21–24]. The peak at 1121 cm−1 corresponds to the in-plane bending vibration
of C–H [25], whereas the peak at 804 cm−1 corresponds to the out-of-plane bending vibration of C–H.
All the above peaks can be distinguished from the spectrum of PANI/Gr composites, which indicates
the successful formation of PANI on the surface of graphene. Figure 3f shows the Raman spectra for
the synthesized PANI/Gr nanocomposite and graphene. The G and D peaks of Gr are recorded at 1580
and 1350 cm−1, arising from the stretching of the C–C bond and the disorder in the sp2-hydridized Gr
structure, respectively [26]. For the neat Gr, it is observed that the ID/IG is quite high, which indicates
that the Gr used is rich in defects. After the polymerization of PANI on Gr, it is evident that the ID

intensity was enhanced due to the sp2 C in the aromatic ring. Thus, the ID/IG of the PANI-Gr decreased
compared to that of the neat Gr. In addition, the PANI/Gr composite presents a weak shift of the D
peak towards low wavenumbers resulting from the π–π* electron interaction between Gr and the Ani
monomer [20]. Besides the wavenumber shift of the G and D peaks, the characteristic vibrational
peaks of PANI are also evident in the PANI-Gr nanocomposite spectrum. The 1562 cm−1, 1372 cm−1,
and 1189 cm−1 peaks can be attributed to the bipolaronic N–H bending vibration, the C–N stretching
vibration of the cation radical species, and the C–H bending of the quinoid ring [27], respectively.
All of the above results definitely indicate the formation of PANI on the surface of Gr.
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cathodically. For example, the OCP of the PANI/Gr0.4-ZRP was raised to −0.84 V after 1000 h of 
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degradation of cathodic protection. The potential of both the PANI/Gr0.6-ZRP and PANI/Gr0.8-ZRP 
coatings maintained a low value during the whole period of immersion, although the potential of 
PANI/Gr0.8-ZRP fluctuated. Oxidation of the Zn to ZnO or other corrosion products due to the 
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Compared to the control samples, the doping of PANI/Gr extended the ZRP coating cathodic 
protection duration. The OCP of the PANI/Gr0.6-ZRP coating exhibited a more stable and negative 
potential during the long immersion test, which indicated that the ZRP coating with PANI/Gr0.6 could 
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(f) Raman spectra of the modified Gr and PANI/Gr.

3.2. OCP Measurements

It is generally accepted that the OCP criterion for cathodic protection is lower than −0.76 V vs.
SCE [28]. Thus, it is considered that the cathodic protection ability of substrate will be maintained
if the corrosion potential of the coated substrate is kept below −0.8 V vs. SCE. OCP was monitored
continuously during 1000 h of immersion. The OCP changes in the ZRP with different contents of
PANI/Gr during immersion for up to 1000 h are plotted in line a in Figure 4. It was observed that
the OCP of the control ZRP coating continuously increased with the extension of immersion time,
and reached −0.76 V after 1000 h. All potentials of the ZRP coatings containing PANI/Gr remained
lower than −0.8 V for up to 1000 h of immersion, which indicates that the substrates were protected
cathodically. For example, the OCP of the PANI/Gr0.4-ZRP was raised to −0.84 V after 1000 h of
immersion, although the OCP slowly shifted anodically with prolonged immersion, indicating the
degradation of cathodic protection. The potential of both the PANI/Gr0.6-ZRP and PANI/Gr0.8-ZRP
coatings maintained a low value during the whole period of immersion, although the potential of
PANI/Gr0.8-ZRP fluctuated. Oxidation of the Zn to ZnO or other corrosion products due to the
reduction of oxygen or PANI caused the fluctuation in the potential and the increase in the potential.
Compared to the control samples, the doping of PANI/Gr extended the ZRP coating cathodic protection
duration. The OCP of the PANI/Gr0.6-ZRP coating exhibited a more stable and negative potential
during the long immersion test, which indicated that the ZRP coating with PANI/Gr0.6 could provide a
better effective cathodic protection than the others.
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the reaction couples of zinc oxidation and PANI reduction. Furthermore, the corrosion potential 
values of the PANI/Gr-ZRP at different contents are always lower than that of the control sample, as 
shown in Figure 5. This further indicates that some of the zinc particles were sacrificially active, thus 
contributing to the cathodic protection of the substrate with the artificial defects. 

Figure 4. Open circuit potential (OCP) in 3.5% NaCl solution of DH32 steel coated with ZRP (control)
(line a), PANI/Gr0.4-ZRP (line b), PANI/Gr0.6-ZRP (line c), and PANI/Gr0.8-ZRP (line d).

In order to clearly study the content effects of PANI/Gr in the ZRPs on the cathodic sacrificial
behavior, the changes in potential of the samples with artificial defects were also monitored as a
function of immersion time. The ZRP coating with an artificial defect of 10 × 0.2 mm was immersed into
the 3.5 wt % NaCl solution, and then the OCP was monitored throughout the whole process. Figure 5
presents the evolution of OCP for ZRPs with different contents of PANI/Gr and with immersion time.
As can be seen in Figure 5, all potentials of the different coatings are initially in the range of −0.9 to
−1.0 V, indicating the protection due to the cathodic scarification. For the control sample, the potential,
initially at −1.0 V, shifts toward the positive direction with immersion, and reaches −0.6 V after 120 h of
immersion. A decrease in the electroactive zinc area resulted in an increase in the potential, predicting
a decrease in cathodic protection intensity. The introduction of defects to the coating accelerated the
degradation of ZRP coatings’ cathodic protection, and the quick shift of potential can be attributed to
the oxidation of Zn. However, the addition of electrically enhanced PANI/Gr segments led to the slight
changes in potential. The OCP of the ZRP containing 0.4 wt % PANI/Gr rapidly increased with the
extension of immersion, whereas for the 0.6 wt % PANI/Gr coating, the potential first fluctuated in the
range of −0.8 to −1.0 V, then slowly increased to −0.76 V after 200 h of immersion. When the content
of PANI/Gr increased to 0.8 wt %, the OCP values shifted to the positive region rapidly after 120 h
and stabilized at −0.7 V during further immersion. It should be noted that the positive potential shift
for the PANI/Gr-added coatings results mainly from the reaction couples of zinc oxidation and PANI
reduction. Furthermore, the corrosion potential values of the PANI/Gr-ZRP at different contents are
always lower than that of the control sample, as shown in Figure 5. This further indicates that some of
the zinc particles were sacrificially active, thus contributing to the cathodic protection of the substrate
with the artificial defects.
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Figure 5. Open circuit potential (OCP) changes in 3.5% NaCl solution of samples with artificial 
defects: (line a) PANI/Gr0-ZRPs (control), (line b) PANI/Gr0.4-ZRP, (line c) PANI/Gr0.6-ZRP, and (line 
d) PANI/Gr0.8-ZRP. 

3.3. LEIS Measurement of the PANI/Gr-ZRP Coatings with Artificial Defect 

To further study the effect of PANI/Gr addition on the coating cathodic protection, localized 
electrochemical impedance spectroscopy measurements were performed on a scratch-coated steel 
specimen with artificial damage which was exposed to a 0.005 M NaCl solution. Figure 6(a1–a3) 
shows the LEIS spectra for PANI/Gr0-ZRPs at different periods of immersion time, in which the local 
impedance in the scratched area remained at a low value during the exposure of 48 h. Additionally, 
it can be seen that the section of the scratched area with the low impedance value was enlarged after 
48 h. The local impedance value in the scratched area of the PANI/Gr0.4-ZRPs was slightly higher than 
the PANI/Gr0-ZRPs at the beginning of immersion, approaching Figure 6b, and with the immersion 
time extension, the local impedance values initially increased lightly and decreased at 48 h, whereas 
the lowest impedance value barely changed during immersion. With the content of PANI/Gr 
reaching 0.6 wt %, as shown in Figure 6c, the local impedance value significantly improved with the 
extension of immersion. It is important to note that the scratched area with relatively low local 
impedance in the PANI/Gr0.6-ZRP decreased in size during the immersion time extension. For the 
PANI/Gr0.8-ZRP coating, the local impedance increased explicitly after 24 h of immersion, and no 
shrink in size of the scratched area with relatively low local impedance was observed during 
immersion. 

Figure 5. Open circuit potential (OCP) changes in 3.5% NaCl solution of samples with artificial
defects: (line a) PANI/Gr0-ZRPs (control), (line b) PANI/Gr0.4-ZRP, (line c) PANI/Gr0.6-ZRP, and
(line d) PANI/Gr0.8-ZRP.

3.3. LEIS Measurement of the PANI/Gr-ZRP Coatings with Artificial Defect

To further study the effect of PANI/Gr addition on the coating cathodic protection, localized
electrochemical impedance spectroscopy measurements were performed on a scratch-coated steel
specimen with artificial damage which was exposed to a 0.005 M NaCl solution. Figure 6(a1–a3)
shows the LEIS spectra for PANI/Gr0-ZRPs at different periods of immersion time, in which the local
impedance in the scratched area remained at a low value during the exposure of 48 h. Additionally,
it can be seen that the section of the scratched area with the low impedance value was enlarged after
48 h. The local impedance value in the scratched area of the PANI/Gr0.4-ZRPs was slightly higher than
the PANI/Gr0-ZRPs at the beginning of immersion, approaching Figure 6b, and with the immersion
time extension, the local impedance values initially increased lightly and decreased at 48 h, whereas
the lowest impedance value barely changed during immersion. With the content of PANI/Gr reaching
0.6 wt %, as shown in Figure 6c, the local impedance value significantly improved with the extension
of immersion. It is important to note that the scratched area with relatively low local impedance in
the PANI/Gr0.6-ZRP decreased in size during the immersion time extension. For the PANI/Gr0.8-ZRP
coating, the local impedance increased explicitly after 24 h of immersion, and no shrink in size of the
scratched area with relatively low local impedance was observed during immersion.

Figure 7 reveals the values of the average and minimum local impedance of the whole scan
area. It can be observed that both the minimum values and the average values of the marked area
for the PANI/Gr0.6-ZRP were the highest, compared to the other samples. An average impedance of
8000 Ω·cm2 was obtained after 48 h for the PANI/Gr0.6-ZRP sample, which indicated the excellent
corrosion protection. In addition, the lowest impedance value of the PANI/Gr0.6-ZRP also sharply
increased, indicating the decrease in dissolution of the exposed substrate.
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Generally, for the ZRP-coated substrate, and once the coating was damaged, the zinc particles 
around the defect in the coating sacrificially dissolved, providing cathodic protection to the steel 
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it has been reported that in the presence of oxygen in the corrosive electrolyte, the PANI-EB could be 
converted into the PANI-ES, completing the autocatalytic cycle [32,33], which could result in the 
stabilization of Fe in the passive region. Thus, the flake-shape PANI in ZRP around the defects is 
another factor of the increase in local impedance by the formation of a protective passive film. 

Surface morphologies as well as the compositions of the coatings with artificial defects were 
investigated by SEM-EDS. Figure 8 compares the surface morphologies of the samples with different 
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observed that the artificial grooves were almost covered with corrosion products, composed of Zn 
and/or Fe corrosion products. As mentioned above, the ZRP failed to continuously support the 
cathodic protection with the extension of immersion, resulting in the dissolution of the substrate. 
From the EDS results in Figure 8, the presence of Zn elements in the control coating indicated a certain 
degree of cathodic protection, while the dissolution of the substrate resulted in the enrichment of Fe 
corrosion products. Interestingly, for the PANI/Gr0.6-ZRP and PANI/Gr0.8-ZRP samples, almost no Fe, 
or only a traceable amount, was detected at the defect area, which indicated that the substrate with 
artificial defects was effectively cathodically protected by Zn sacrificial dissolution. 
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Generally, for the ZRP-coated substrate, and once the coating was damaged, the zinc particles
around the defect in the coating sacrificially dissolved, providing cathodic protection to the steel
substrate. The result of OCP in Figure 5 demonstrates that the substrate exposed in the artificial
defect was initially under the cathodic protection of the ZRP coating. However, with prolonged
immersion, the sacrificial dissolution of zinc could no longer inhibit the dissolution of the substrate.
The results of the LEIS in Figure 6 show the low impedance of the ZRP, which indicated the dissolution
of the substrate. For the PANI/Gr-modified ZRP coatings, an increase in the local impedance was
observed during the 48-h immersion, especially for the PANI/Gr0.6-ZRP coating. The increase in the
local impedances could be attributed to the physical barrier effect of scarified zinc products, which
precipitated at the defect area with the oxidization of surrounding zinc particles in the ZRP coating.
It has been well documented previously in the literature that the PANI pigments in the coating on
steel were found to effectively protect the substrate by forming a passive film [29–31]. Furthermore,
it has been reported that in the presence of oxygen in the corrosive electrolyte, the PANI-EB could
be converted into the PANI-ES, completing the autocatalytic cycle [32,33], which could result in the
stabilization of Fe in the passive region. Thus, the flake-shape PANI in ZRP around the defects is
another factor of the increase in local impedance by the formation of a protective passive film.

Surface morphologies as well as the compositions of the coatings with artificial defects were
investigated by SEM-EDS. Figure 8 compares the surface morphologies of the samples with different
PANI contents at artificial defect zones after 30 days of immersion in 3.5% NaCl solution. It was
observed that the artificial grooves were almost covered with corrosion products, composed of Zn
and/or Fe corrosion products. As mentioned above, the ZRP failed to continuously support the cathodic
protection with the extension of immersion, resulting in the dissolution of the substrate. From the EDS
results in Figure 8, the presence of Zn elements in the control coating indicated a certain degree of
cathodic protection, while the dissolution of the substrate resulted in the enrichment of Fe corrosion
products. Interestingly, for the PANI/Gr0.6-ZRP and PANI/Gr0.8-ZRP samples, almost no Fe, or only a
traceable amount, was detected at the defect area, which indicated that the substrate with artificial
defects was effectively cathodically protected by Zn sacrificial dissolution.Polymers 2019, 11, x FOR PEER REVIEW 11 of 16 
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In order to investigate the barrier properties of the coatings modified with different contents of 
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providing the barrier role. Two overlapped capacitive time constants can be distinguished at both 
low frequency and high frequency during the exposure to NaCl solution due to the penetration of 
water and oxygen into the coatings, thereby leading to the galvanic corrosion of zinc particles and 
the corresponding zinc corrosion products [19]. The first capacitance loop is attributed to the coating 
itself, and the second one is related to the reactions occurring underneath the film [34,35]. Figure 9c 
indicates the equivalent circuits (Rs(RctQdl)(RcoatQf)) used to simulate the EIS data. Rs refers to the 
solution resistance. Rct refers to the charge transfer resistance, which denotes the resistance of the 
electron transfer across the electron double layer from the substrate to the oxidant agent. Rcoat 
denotes the resistance of the coating, which arises from the kinetic resistance of the related ions or 
reactant agents through the coating. In order to justify the actual surface conditions of the electrode, 
a constant phase element (CPE, Q) was used to replace an ideal capacitor, and the impedance of Q is 
defined as Equation (1), as follows: 

Z (jω) = (Y0)−1(jω)−n. (1) 

In the equation, the parameters Y0, j, n (0 ≤ n ≤ 1), and ω (ω = 2πf, where f is the frequency) 
correspond to the Q constant, the imaginary unit, the Q power, and the angular frequency, 
respectively. It is indicated that Q is a pure capacitance when the value of n is 1. Heterogenicity of 
the electrode derives the value of n from the unit [36]. The impedance parameters, which were 
obtained using ZSimpwin software, are presented in Table 2. 

Figure 8. SEM images and EDS spectra for the coated samples: (a) PANI/Gr0-ZRPs, (b) PANI/Gr0.6-ZRPs,
and (c) PANI/Gr0.8-ZRPs. (A) the EDS spectrum of the selected area marked A in (a); (B) the EDS
spectrum of the selected area marked a in (b); (C) the EDS spectrum of the selected area marked C in (c).
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In order to investigate the barrier properties of the coatings modified with different contents of
PANI/Gr, EIS was measured on the coatings. Figure 9 shows the impedance spectra for the coated
samples (PANI/Gr0-ZRPs, PANI/Gr0.4-ZRPs, PANI/Gr0.6-ZRPs, and PANI/Gr0.8-ZRPs) in the 3.5 wt %
NaCl solution after 30 days of immersion. The equivalent circuits are also presented in the spectra.
It is noted that the impedance of the ZRP coatings could be significantly improved by mixing PANI/Gr,
providing the barrier role. Two overlapped capacitive time constants can be distinguished at both
low frequency and high frequency during the exposure to NaCl solution due to the penetration of
water and oxygen into the coatings, thereby leading to the galvanic corrosion of zinc particles and
the corresponding zinc corrosion products [19]. The first capacitance loop is attributed to the coating
itself, and the second one is related to the reactions occurring underneath the film [34,35]. Figure 9c
indicates the equivalent circuits (Rs(RctQdl)(RcoatQf)) used to simulate the EIS data. Rs refers to the
solution resistance. Rct refers to the charge transfer resistance, which denotes the resistance of the
electron transfer across the electron double layer from the substrate to the oxidant agent. Rcoat denotes
the resistance of the coating, which arises from the kinetic resistance of the related ions or reactant
agents through the coating. In order to justify the actual surface conditions of the electrode, a constant
phase element (CPE, Q) was used to replace an ideal capacitor, and the impedance of Q is defined as
Equation (1), as follows:

Z (jω) = (Y0)−1(jω)−n. (1)Polymers 2019, 11, x FOR PEER REVIEW 12 of 16 
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Table 2. Optimum fit parameters of the coatings after 30 days of immersion. 

Sample Rs (Ω·cm2) 
Ccoat 

(Ω−1·cm−2·sn) Rcoat (Ω·cm2) 
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PANI/Gr0-ZRPs 0.253 1.36 × 10−4 653 3.12 × 10−4 7790 
PANI/Gr0.4-ZRPs 0.575 8.38 × 10−4 7030 7.38 × 10−4 5960 
PANI/Gr0.6-ZRPs 0.842 4.85 × 10−5 79200 9.64 × 10−4 2280 
PANI/Gr0.8-ZRPs 0.734 1.13 × 10−3 31400 4.37 × 10−4 1820 

For the PANI/Gr0-ZRPs, the film resistance (Rcoat) was only 653 Ω∙cm2 after 30 days. This is due 
to the porosity of the coating which supplied the permeation path of the electrolyte. For PANI/Gr0.4-
ZRPs, the coating resistance (Rcoat) was 7030 Ω∙cm2 after 30 days. With the increase of PANI/Gr to 
0.6 wt %, the coating resistance (Rcoat) was stable around 79,200 Ω∙cm2. On the contrary, the coating 
resistance (Rcoat) of PANI/Gr0.8-ZRPs was lower than the coating resistance of PANI/Gr0.6-ZRPs, at 
31,400 Ω∙cm2. In other words, the resistance of the coatings reached a maximum value at 0.6% PANI. 
Another useful parameter for understanding the behavior of coatings is coating capacitance (Ccoat). 
Generally, the coatings with lower Ccoat exhibit a better barrier protection against the penetration of 
corrosive ions [37], and water absorption causes an improvement in the coating’s dielectric constant, 
resulting in the increase in coating capacitance. It can be seen that the lowest Ccoat value was obtained 
from PANI/Gr0.6-ZRP coatings after 30 days of immersion, exhibiting the best barrier properties of 
the PANI/Gr0.6-ZRP coatings. It is apparent that the highest value of coating resistance is consistent 
with the highest value of coating capacitance and both occurred at 0.6% PANI. 

The corrosion protection properties of the ZRP coatings with different PANI/Gr contents were 
lastly evaluated using the salt spray test. Figure 10 shows the visual observations of the samples. 
Samples with X-scribes were exposed under salt spray fog for different time periods, namely, 500, 

Figure 9. (a) Nyquist and (b) Bode plots for the samples (PANI/Gr0-ZRPs, PANI/Gr0.4-ZRPs, PANI/Gr0.6-ZRPs,
and PANI/Gr0.8-ZRPs) after immersion in a 3.5 wt % NaCl solution for 25 days. (c) the equivalent circuit
and model.

In the equation, the parameters Y0, j, n (0 ≤ n ≤ 1), and ω (ω = 2πf, where f is the frequency)
correspond to the Q constant, the imaginary unit, the Q power, and the angular frequency, respectively.
It is indicated that Q is a pure capacitance when the value of n is 1. Heterogenicity of the electrode
derives the value of n from the unit [36]. The impedance parameters, which were obtained using
ZSimpwin software, are presented in Table 2.
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Table 2. Optimum fit parameters of the coatings after 30 days of immersion.

Sample Rs (Ω·cm2)
Ccoat

(Ω−1·cm−2·sn) Rcoat (Ω·cm2)
Cdl

(Ω−1·cm−2·sn) Rct (Ω·cm2)

PANI/Gr0-ZRPs 0.253 1.36 × 10−4 653 3.12 × 10−4 7790
PANI/Gr0.4-ZRPs 0.575 8.38 × 10−4 7030 7.38 × 10−4 5960
PANI/Gr0.6-ZRPs 0.842 4.85 × 10−5 79200 9.64 × 10−4 2280
PANI/Gr0.8-ZRPs 0.734 1.13 × 10−3 31400 4.37 × 10−4 1820

For the PANI/Gr0-ZRPs, the film resistance (Rcoat) was only 653 Ω·cm2 after 30 days. This is due to
the porosity of the coating which supplied the permeation path of the electrolyte. For PANI/Gr0.4-ZRPs,
the coating resistance (Rcoat) was 7030 Ω·cm2 after 30 days. With the increase of PANI/Gr to 0.6 wt %,
the coating resistance (Rcoat) was stable around 79,200 Ω·cm2. On the contrary, the coating resistance
(Rcoat) of PANI/Gr0.8-ZRPs was lower than the coating resistance of PANI/Gr0.6-ZRPs, at 31,400 Ω·cm2.
In other words, the resistance of the coatings reached a maximum value at 0.6% PANI. Another
useful parameter for understanding the behavior of coatings is coating capacitance (Ccoat). Generally,
the coatings with lower Ccoat exhibit a better barrier protection against the penetration of corrosive
ions [37], and water absorption causes an improvement in the coating’s dielectric constant, resulting
in the increase in coating capacitance. It can be seen that the lowest Ccoat value was obtained from
PANI/Gr0.6-ZRP coatings after 30 days of immersion, exhibiting the best barrier properties of the
PANI/Gr0.6-ZRP coatings. It is apparent that the highest value of coating resistance is consistent with
the highest value of coating capacitance and both occurred at 0.6% PANI.

The corrosion protection properties of the ZRP coatings with different PANI/Gr contents were
lastly evaluated using the salt spray test. Figure 10 shows the visual observations of the samples.
Samples with X-scribes were exposed under salt spray fog for different time periods, namely, 500,
1000 and 2000 h. As shown in Figure 10, red rust formed on the scribed area of the PANI/Gr0-ZRPs,
PANI/Gr0.4-ZRPs, and PANI/Gr0.8-ZRPs after 1000 h of salt spray testing. More corrosion products
were observed at scribed regions of the PANI/Gr0-ZRP and PANI/Gr0.4-ZRP samples as the exposure
time increased up to 2000 h, exhibiting poor cathodic protection performance. Compared to the
control and PANI/Gr0.4-ZRPs, the PANI/Gr0.8-ZRPs showed better cathodic protection performance
with the relatively low quantity of red corrosion products after 2000 h test. Interestingly, for the
PANI/Gr0.6-ZRPs sample, no Fe corrosion products were formed after 1000 h of exposure and only
a small amount of red rust appeared after 2000 h exposure. The salt spray test results revealed that
PANI/Gr0.6-ZRPs exhibited the best cathodic protection performance for long time exposure.

Mixing the PANI/Gr into the ZRP primer significantly improved the physical barrier protection
due to fact that the mixture effectively restrained the permeation of caustic chloride ions to the coating
and prolonged the action time of the sacrificial zinc particles. Based on the previous results, it can
be seen the quantity of PANI/Gr additives in the coating has a significant effect on the corrosion
behavior of the coating, and the PANI/Gr0.6-ZRPs coating exhibits the best anticorrosion performance.
Figure 11 schematically explains the effects of PANI/Gr on the corrosion protection of ZRP primers.
In the presence of 0.6 wt % PANI/Gr, the sacrificial protection is a predominant mechanism, which
relates to the increase in electrical connection between the zinc particles and the steel substrate. During
the immersion time, a layer of zinc corrosion products rather than iron corrosion products formed
on the steel surface. For the 0.4 wt % PANI/Gr-ZRPs sample, the coating resistance was higher
than the control (Figure 9), while the cathodic protection properties were not significantly enhanced
(Figure 7). When the content of the PANI/Gr was further increased to 0.6 wt %, the barrier performance
enhanced considerably (Figure 9), which was due to the layered structure and oxidation of zinc
particles. However, if the content of Zn in the PANI is further increased (e.g., 0.8%), it may lead to too
many zinc corrosion products due to the oxidation of PANI and isolate the connection between the
zinc particles, resulting in a significant degradation of the cathodic protection.
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4. Conclusions

1. Conductivity measurements indicate that the synthesized PANI/Gr shows higher conductivity
compared to the PANI. OCP and LEIS results at the defect region indicate that the mixture of
PANI/Gr in this investigation indeed enhances the sacrificially cathodic protection of the ZRP
coating by the extension of its active sacrificial duration.

2. Higher values of coating resistance in the EIS results for PANI/Gr-modified ZRP implicate the
reduction of the coating porosity, leading to the better barrier properties of the modified ZRP.
The ZRP mixed with the PANI/Gr at a content of 0.6% exhibits the best synergetic enhancement
of the coating physical barrier as well as enhanced zinc sacrificial cathodic protection across the
range of investigated PANI/Gr mixtures.
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Abstract: Metal nanoparticles and the combination of metal nanoparticles with graphene oxide
are widely used in environmental, agriculture, textile, and therapeutic applications. The effect of
graphene oxide–green platinum nanoparticles (GO-PtNPs) on human prostate cancer cells (LNCaP) is
unclear. Therefore, this study aimed to synthesize a nanocomposite of GO-PtNPs and evaluate their
effect on prostate cancer cells. Herein, we synthesized GO-PtNPs using vanillin and characterized
GO-PtNPs. GO-PtNP cytotoxicity in LNCaP cells was demonstrated by measuring cell viability and
proliferation. Both decreased in a dose-dependent manner compared to that by GO or PtNPs alone.
GO-PtNP cytotoxicity was confirmed by increased lactate dehydrogenase release and membrane
integrity loss. Oxidative stress induced by GO-PtNPs increased malondialdehyde, nitric oxide, and
protein carbonyl contents. The effective reactive oxygen species generation impaired the cellular
redox balance and eventually impaired mitochondria by decreasing the membrane potential and ATP
level. The cytotoxicity to LNCaP cells was correlated with increased expression of proapoptotic genes
(p53, p21, Bax, Bak, caspase 9, and caspase 3) and decreased levels of antiapoptotic genes (Bcl2 and
Bcl-xl). Activation of the key regulators p53 and p21 inhibited the cyclin-dependent kinases Cdk2
and Cdk4, suggesting that p53 and p21 activation in GO-PtNP-treated cells caused genotoxic stress
and apoptosis. The increased expression of genes involved in cell cycle arrest and DNA damage and
repair, and increased levels of 8-oxo-deoxyguanosine and 8-oxoguanine suggested that GO-PtNPs
potentially induce oxidative damage to DNA. Thus, GO-PtNPs are both cytotoxic and genotoxic.
LNCaP cells appear to be more susceptible to GO-PtNPs than to GO or PtNPs. Therefore, GO-PtNPs
have potential as an alternate and effective cancer therapeutic agent. Finally, this work shows that the
combination of graphene oxide with platinum nanoparticles opens new perspectives in cancer therapy.
However further detailed mechanistic studies are required to elucidate the molecular mechanism of
GO-PtNPs induced cytotoxicity in prostate cancer.

Keywords: graphene oxide–platinum nanoparticles nanocomposites; prostate cancer; cytotoxicity;
oxidative stress; mitochondrial membrane potential; DNA damage

1. Introduction

The mortality rate of cancer is increased rapidly by both aging and growth of the population and
is also associated with socioeconomic development [1]. According to the International Agency for
Research on Cancer, it is estimated 18.1 million new cancer cases and 9.6 million cancer deaths in 2018.
Prostate cancer is the second most common cancer in men and fourth most commonly occurring cancer
overall and most frequently diagnosed cancer, which is occurs one in nine in older man [1,2]. Prostate
cancer can be treated by conventional therapies such as radiation, chemo, hormone, cryo and surgery;
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however, the treatment is depends on individual cases. Chemo-drugs, such as docetaxel, cabazitaxel,
mitoxantrone and estramustine, are used to treat prostate cancer, however they cause undesired side
effects. Another major cause of radiotherapy failure is the radioresistance of certain cancers. Therefore,
finding alternative, biocompatible treatments is necessary.

Nanomedicine has been proposed as a new tool and alternative for cancer therapy and diagnosis.
Recently, biomolecule mediated synthesis of metal nanoparticles shows great interest and rapidly used
both academic and medical industry aspects due to their unique properties and promising applications
as catalysts, ferrofluids, and semiconductors [3,4]. Several metal nanoparticles, such as silver, gold, and
palladium, were synthesized using biomolecules, such as bacterial extracts, fungi extracts, plant extracts,
and purified phenolic compounds, and tested for cytotoxicity against various types of cancer cells
including human breast cancer cells, lung cancer cells, human ovarian cancer cells, and neuroblastoma
cancer cells [5–8]. Small metallic nanoparticles seem to be potential nanodrugs to optimize the
performances of radiotherapy. Among other nanomaterial systems, platinum nanoparticles (PtNPs)
with radiation are used as radiation dose enhancers and anticancer drug carriers in cancer therapy. For
example, Porcel et al. [9] developed a new strategy based on the combination of platinum nanoparticles
with irradiation by fast ions effectively used in hadron therapy. The results demonstrated that PtNPs
strongly enhance lethal damage in DNA, with an efficiency factor close to 2 for double-strand breaks.
Platinum complexes and platinum NPs (PtNPs) have shown excellent properties to amplify radiation
effects [9–11].

Since several years, platinum-based drug molecules have received much attention due to their
electro-catalytic properties. For instance, platinum-based therapeutic drugs, notably cisplatin and
carboplatin, have been exploited in chemotherapy to kill cancer cells [12]. However, these drugs
do not have specificity towards cancer cells and have effects on normal cells leading to substantial
dose-limiting acute and chronic toxicities. Since undesired toxic side effects and frequent development
of drug resistance represent the major challenges in cancer therapy, it is therefore necessary to develop
cisplatin analogs or other metal complexes that are able to offer a more acceptable level of toxicity and
improved antitumor activity [13].

Graphene-based nanocomposites with metal nanoparticles show immense interest due to their
extraordinary physical, chemical, and biological properties [14,15]. The excellent properties of
combination of graphene based materials and metal nanoparticles shows promising nanomaterial in
many fields of application such as electronic-devices, sensors, nanocomposites, energy storage, and
supercapacitors [16–19]. Metal nanoparticles, such as silver and graphene oxide, exhibit significant
antibacterial activity against Gram-negative and -positive bacteria and anticancer activity against
human ovarian cancer cells and human neuroblastoma cancer cells [8,20,21]. In particular, PtNPs are
highly important metallic catalysts for many electrochemical reactions and used as sensors towards
biological and drug molecules [22,23]. The combination of rGO and PtNPs exhibits promising
electrocatalytic activity and selectivity in the detection of target molecules [24]. The major advantage
of using graphene oxide for the preparation of nanocomposites, such as graphene oxide–platinum
nanoparticles, is a cheap and accessible nanomaterial with abundant oxygen-containing functional
groups, which is indispensable to anchor novel metal ions [25,26]. Furthermore, Pt ions are easily
absorbed uniformly by GO due to the presence of abundant hydroxyl and carboxyl functional groups.
Wu et al. [27] fabricated reduced graphene oxide (RGO)/metal (oxide) composites using glucose
as the reducing agent and the stabilizer. The developed composite nanomaterials show excellent
electrode catalyst to simultaneous electrochemical analysis of l-ascorbic acid, dopamine, and uric acid.
Ali et al. [28] synthesized variety of composites by simultaneous reduction of variety of nanoparticles,
such as palladium, platinum, silver, and gold with graphene oxide using a black pepper extract (BPE) for
quantification and kinetic analysis of epidermal growth factor receptor (ErbB2), for application to breast
cancer diagnostics. The developed composites exhibited less toxic, biocompatible, and antioxidants
properties, and can detect low concentrations of ErbB2. A nanocomposite consisting of combination of
various nanomaterials such as reduced graphene oxide combined with manganese-doped zinc sulfide
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quantum dots and functionalized with folic acid (FA-rGO/ZnS:Mn) and loaded with doxorubicin (DOX).
DOX is adsorbed on the surface of graphene sheets and releases efficiently with specificity, against
folate-rich breast cancer cells, which is the best platform for targeted cancer treatment [29]. Single-crystal
metastable manganese sulfide nanowires (γ-MnS NWs) coated with graphitic carbon exhibited brittle
with a Young’s modulus of 65 Gpa show the cycling stability of stable microsized α-MnS, with an
initial capacity of 1036 mAh g−1 and a reversible capacity exceeding 503 mAh g−1 after 25 cycles [30].
A novel regorafenib (REG) electrochemical sensor, developed by reduction of a zirconia-nanoparticle
and reduced graphene oxide composite (ZrO2/rGO/GCE) using hydrazine hydrate as reducing and
stabilizing agent, shows an excellent electrocatalytic response and determination of REG in the presence
of ascorbic acid and uric acid at lower concentration in serum samples [31]. The PtNPs were found
to cause DNA strand breaks in a concentration-, time-, and size-dependent manner [32], and inhibit
DNA replication, whereas the rich oxygen-containing functional groups of graphene oxide on the
surface provide it with the opportunity to be modified by many functional molecules to expand
biological applications and reduce toxicity. Combination of graphene oxide with nanoparticles in
a single platform could provide the simultaneous administration of two or more active agents that
are known to disrupt multiple targets, resulting in a more efficient solution to cancer or any other
treatments with two different physical and chemical properties. The combination of graphene oxide
and platinum nanoparticles could provide efficient synergistic effect on cytotoxicity compared to
its counterpart.

Although several studies have reported that the effect of combination of graphene oxide with
various metal nanoparticles, such as silver, gold, palladium, etc., against various type of cancer
cells, so far there is no report about the anticancer effect of graphene oxide–platinum nanoparticles
nanocomposites. This is the first study aimed to address the following objectives including synthesis of
graphene oxide–platinum nanoparticles nanocomposite using vanillin as reducing agent. The second
objective is to address the cytotoxic effect of graphene oxide–platinum nanoparticles nanocomposite in
prostate cancer cells. The final objective is to address the mechanism of anticancer effect of graphene
oxide–platinum nanoparticles nanocomposite in prostate cancer cells using various cellular assays.

2. Materials and Methods

2.1. Synthesis and Characterization of GO, PtNPs, and GO-PtNPs

Graphene sheets were synthesized by Hummers’ method with slight modification as required [8,33].
Synthesis and characterization of the GO-PtNP nanocomposite was done as described previously [20].
Detailed materials and methods are given in the Supplementary Materials.

2.2. Cell Viability and Cell Proliferation Assay

The cells were grown to logarithmic growth phase and mixed with various concentrations of
GO, GO-PtNPs, and PtNPs for 24 h, followed by determinations of cytotoxicity. The inhibitory
concentration (IC50) is defined as the concentration of PtNPs causing 50% inhibition of growth of the
cells. Cell proliferation was determined using bromodeoxyuridine/5-bromo-2′-deoxyuridine (BrdU)
(Roche, Basel, Switzerland).

2.3. Measurement of Cytotoxicity and Cell Mortality

The membrane integrity of LNCaP cells was evaluated using an LDH Cytotoxicity Detection Kit
(Sigma-Aldrich, St. Louis, MS, USA) according to the manufacturer’s instructions. Cell mortality was
evaluated using the trypan blue assay as described previously [7].
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2.4. Determination of Reactive Oxygen Species (ROS), Malondialdehyde (MDA), Nitric Oxide (NO), and
Carbonylated Protein Levels

Reactive oxygen species (ROS) were estimated as described previously [34]. Briefly, LNCaP cells
were seeded into wells of 24-well-plates at a density of 5 × 104 cells per well and cultured for 24 h.
MDA levels were determined using a thiobarbituric acid reactive substances assay as previously
described with suitable modifications [34]. NO production was quantified spectrophotometrically
using Griess reagent (Sigma-Aldrich, St. Louis, MO, USA). Absorbance was measured at 540 nm and
nitrite concentration was determined using a calibration curve prepared with sodium nitrite as the
standard [35]. Carbonylated protein content was measured according to Uehara and Rao [36].

2.5. Measurement of Mitochondrial Membrane Potential (MMP) and ATP Level

MMP was measured according to the manufacturer’s instructions (Molecular Probes, Eugene, OR,
USA) using the cationic fluorescent indicator, JC-1 (Molecular Probes). The ATP level was measured
according to the manufacturer’s instructions (Catalog Number MAK135; Sigma-Aldrich, St. Louis,
MO, USA).

2.6. Measurement of Antioxidative Marker Levels

The expression levels of oxidative and antioxidative stress markers were measured as described
previously [37].

2.7. Measurement of 8-oxo-dG and 8-oxo-G

8-oxo-dG was determined as described previously [38] and using the manufacturer’s instructions
(Trevigen, Gaithersburg, MD, USA).

2.8. Statistical Analysis

All assays were conducted in triplicate, and each experiment was repeated at least three times.
The results are presented as the means ± standard deviation. All experimental data were compared
using Student’s t-test. A p-value < 0.05 was considered statistically significant. Results are expressed
as mean ± standard deviation of three independent experiments. There was a significant difference in
treated cells compared to untreated cells with Student’s t-test (* p < 0.05).

3. Results and Discussion

3.1. Synthesis and Characterization of GO and GO-PtNP by UV-visible Spectroscopy

The ultraviolet–visible spectrum of synthesized GO particles exhibited two characteristic
absorption peaks at 230 nm, which can be attributed to the π–π* transition of aromatic C=C bonds, and a
shoulder at 300 nm, corresponding to the n–π * transition of C=O bonds [39]. The hydrophilic property
of the oxygenated graphene layers imparts significant solubility and stability in water. The absorption
peak for GO-PtNPs was red-shifted to 267 nm (Figure 1A,B), owing to the restoration of sp2 carbon atoms.
This characteristic red-shift is considered a monitoring tool for the graphene–platinum nanoparticle
nanocomposite [8,20].
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Figure 1. Synthesis and characterization of graphene oxide (GO) and graphene oxide–green platinum
nanoparticles (GO-PtNPs). Ultraviolet–visible spectroscopy of GO (A) and GO-PtNPs (B). At least three
independent experiments were performed for each sample and reproducible results were obtained.

3.2. FTIR Analysis of GO and GO-PtNPs

The synthesis of GO from native graphite and its decoration with PtNPs were analyzed by
Fourier-transform infrared (FTIR) spectroscopy. The FTIR spectra of GO and the GO-PtNP composite
are shown in Figure 2A,B. The spectrum of GO (Figure 2A) showed a strong and broad band at
3300 cm−1 due to the –OH stretching vibration. The carbonyl (–C=O) stretching of carboxylic groups
present at the edge planes of the GO sheets was observed at 1730 cm−1. The absorption due to –OH
bending, epoxide groups, and skeletal ring vibrations were observed at 1600 cm−1. After decoration of
PtNPs on the surface of GO, the –OH stretching vibration and carbonyl (–C=O) stretching of carboxylic
groups were shifted to 3320 and 1725 cm−1, respectively. Interestingly, the deformation stretching
frequency of –OH groups attached to the aromatic ring was 1380 cm−1 [40]. The peaks were observed in
the spectrum of GO-PtNPs at 1725 and 1650 cm−1 corresponding to C=O stretching vibrations of COOH
groups, which were attributed to C=O bonds in the carboxylic acid and carbonyl moieties, respectively
(Figure 2B), and another strong peak appears at 1150 indicating C–OH stretching. All these data
confirmed the formation of GO from native graphite, generation of oxygen-containing functionalities
during oxidation process, and decoration of PtNPs on the surface of GO. These observations agreed
with those reported in the literature [41,42]. The collect data suggested that the vanillin, aphenolic
compound is responsible for synthesis of PtNPs and decoration of PtNPs on the surface of GO.Polymers 2019, 11, x FOR PEER REVIEW 6 of 24 
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3.3. X-Ray Diffraction Analysis of GO and GO-PtNPs

X-ray diffraction (XRD) was performed to confirm the formation structures of GO and GO-PtNPs.
Figure 3A,B display the XRD patterns of GO and GO-PtNPs. The diffraction peak of GO was observed
at 11.5, corresponding to the (200) plane and an interlayer distance of 0.76 nm [19,38]. The newly
appeared diffraction peaks located at 39.8, 46.5, 55.0, and 70.6 corresponded to the (111), (200), (220),
and (311) crystal planes of Pt, respectively (JCPDS No. 01-087-0646), demonstrating that PtNPs were
decorated uniformly on the GO surface [19,43], and confirming the presence of platinum particles on
the graphene substrate. The average size of the PtNPs was calculated to be 2 nm using the Scherrer
equation based on the full width at half maximum of the Pt (111) diffraction peak. The findings strongly
agreed with those of previously published reports [19,42,43]. After chemical oxidation, the (002) peak
of graphite was shifted to 11.5◦ with a d spacing of 0.94 nm. This shift might be attributed to the
introduction of oxygen-containing functional groups like epoxy, hydroxyl, carbonyl, and carboxylic
groups at both the sides and edges of the graphene sheets. This confirmed the formation of GO from
natural graphite during the oxidation process and the formation of platinum particles [42].
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Figure 3. Characterization of GO and GO-PtNPs by XRD. XRD images of GO (A) and GO-PtNPs (B).
At least three independent experiments were performed for each sample and reproducible results
were obtained.

3.4. Raman Spectroscopy Analysis of GO and GO-PtNPs

Raman spectroscopy was used to investigate the structure of GO and GO-PtNPs. The main
features in the Raman spectra of graphitic carbon-based materials are the G and D peaks and their
overtones [44]. Figure 4A,B shows the Raman spectra of the prepared GO and GO-PtNPs. The two
most intense peaks were the D and G band at 1360 and 1580 cm−1, respectively. A prominent 2D
band at 2690 cm−1 was evident, and a defect-activated peak (D + G) was also visible at approximately
2950 cm−1. The D peak represents first order resonance and the breathing mode of aromatic rings
arising due to the defects in the sample. The D peak intensity is used to measure of the degree of
disorder [45]. The G peak is due to the bond stretching of all pairs of sp2 atoms in both the rings
and chains and corresponds to the optical E2g phonons. The intense D peak along with a large
bandwidth suggested the significant structural disorder in GO. The 2D peak at approximately 2690
cm−1 is attributed to double resonance transitions resulting in the production of two phonons with
opposite momentum. Simultaneously, the ratio of the intensity of the D band to the G band (ID/IG)
increased from 1.49 to 1.89 between GO and PtNPs decorated GO.
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Figure 4. Characterization of GO and GO-PtNPs by Raman spectroscopy. Raman spectroscopy images
of GO (A) and GO-PtNPs (B). At least three independent experiments were performed for each sample
and reproducible results were obtained.

3.5. Morphology and Size Analysis of GO and GO-PtNPs using SEM and TEM

The morphology of GO and GO-PtNPs was analyzed by scanning electron microscopy.
Micrographs of GO (Figure 5A) revealed a two-dimensional sheet-like structure consisting of multiple
lamellar layers. The edges of individual sheets were visible, as has been described [8,46,47]. GO-PtNPs
images (Figure 5B) revealed that the PtNPs particles were uniformly distributed throughout the
graphene layers without any agglomeration in the substrate on the surface of GO, which agreed with
previously published reports of other nanoparticles, such as silver [8]. Field emission scanning electron
microscopy images revealed well-decorated PtNPs on the surface of GO nanosheets. Smaller PtNPs
were spherical in shape, whereas the bigger particles had an elongated form. This elongated shape was
attributed to an agglomeration of the highly concentrated PtNPs. The size of GO and PtNPs decorated
GO were characterized by transmission electron microscopy. As shown in Figure 5C,D, transparent
and wrinkled layers of GO nanosheets were observed. After successful decoration, PtNPs decorated
on the graphene oxide layers were spherical with a diameter < 2 nm, which is consistent with the
XRD results, confirming the formation of GO-PtNP nanocomposites. The results indicated that the
combination of graphene oxide and PtNPs suggest that graphene oxide facilitates the reshaping and
coarsening of PtNPs during simultaneous reduction of graphene oxide and PtNPs. The reducing and
stabilizing agents promoted biomolecule induced transformations of nanohybrids (Supplementary
Figure S1).

3.6. Effect of GO-PtNPs on Viability of LNCaP Cells

The effect of GO-PtNPs on LNCaP androgen-sensitive human prostate adenocarcinoma cells was
explored to evaluate the approach in the treatment of prostate cancer. To evaluate and optimize the
dose, and explore a dose-dependent effect, LNCaP cells were treated with various concentrations of
GO (20–100 µg/mL), GO-PtNPs (5–25 µg/mL), and PtNPs (10–50 µg/mL) for 24 h. The three compounds
displayed dose-dependent cytotoxicity on LNCaP cells. Interestingly, GO-PtNPs showed effective
responses on cell viability compared to control, parental GO, and PtNPs. GO-PtNPs nanocomposites
exhibited significant cytotoxicity against the human prostate cancer cells and the cytotoxicity was
greater as the concentration increased. GO did not affect cell viability as drastically. Even at very high
concentration (100 µg/mL), the loss of viability was only 60%. This low cytotoxicity of GO was probably
attributed to the enrichment of oxygen atoms on the surface of GO in the form of carboxyl, epoxy, and
hydroxyl groups, which reduces cell toxicity [48]. The loss of viability of PtNPs was dose-dependent
and slightly better than GO, and less than GO-PtNPs. Even at a very high concentration (50 µg/mL),
the loss of viability was only 80%, whereas at a high concentration of GO-PtNPs (25 µg/mL), the loss of
viability was 99%. The findings indicated that the GO-PtNPs nanocomposite had enhanced anticancer
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capability, in contrast to the relatively low toxicity of GO and PtNPs on LNCaP cells. Collectively,
the data indicated a dose-dependent inhibition of the cell viability with GO in the range of 20 to 100
µg/mL, with an IC50 of approximately 80 µg/mL (Figure 6A). Using GO-PtNPs, a dose-dependent
inhibition of the cell viability was observed in the range of 5 to 25 µg/mL with an IC50 of approximately
10 µg/mL (Figure 6B). With PtNPs, a dose-dependent inhibition of the cell viability was observed
in the range of 10–50 µg/mL with an IC50 of approximately 30 µg/mL (Figure 6C). Thus, GO-PtNPs
displayed a more pronounced inhibitory effect on cell viability than the other tested nanomaterials
and represent a promising candidate for treatment of prostate cancer cells. Similarly, GO-AgNPs
nanocomposites effectively inhibit cell viability of a variety of bacteria, human ovarian cancer cells,
and cervical cancer cells [8,20,49–51]. Further, the cell morphology of GO, GO-PtNPs, and PtNPs was
examined phase-contrast microscope, all the treated cells compromised cell structure, and cells were
round in shape and all the dead cells were detached from surface. The effect on cell viability was
clearly dose-dependent (Supplementary Figure S2).
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Figure 6. GO, GO-PtNPs, and PtNPs inhibit cell viability of LNCaP cells. The viability of LNCaP cells
was determined after 24-h exposure to different concentrations of GO (A), GO-PtNPs (B), and PtNPs
(C) using CCK-8. The treated groups showed statistically significant differences from the control group
by the Student’s t-test (* p < 0.05).

3.7. GO-PtNPs Inhibit Proliferation of LNCaP Cells

To determine the antiproliferative action of GO-PtNPs on LNCaP cells, the cells were treated with
various concentrations of GO, GO-PtNPs, and PtNPs for 24 h, and proliferation was determined using
BrdU. The growth rates of prostate cancer cells treated with GO-PtNPs were significantly decreased
compared to that of the control, and similar results were observed in LNCaP cells with GO and PtNPs
treatment. However, the effective inhibition of proliferation was observed with GO-PtNPs compared
to control, GO, and PtNPs (Figure 7A–C). Of note, GO-PtNPs exhibited higher antiproliferative action,
which was comparable to the parental GO and PtNPs. The data suggested that GO-PtNPs suppress
proliferation. Similarly, goserelin-loaded nanoparticles influence the growth of LNCaP prostate cancer
cells by the direct induction of necrosis and apoptosis [52].Polymers 2019, 11, x FOR PEER REVIEW 10 of 24 
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LNCaP cells was determined using BrdU assay after 24-h exposure to different concentrations of GO
(A), GO-PtNPs (B), and PtNPs (C). The treated groups showed statistically significant differences from
the control group by the Student’s t-test (* p < 0.05).

3.8. GO-PtNPs Induce Cytotoxicity in LNCaP Cells

Membrane integrity determines the fate of cells and is an important factor for cell survival.
Membrane integrity can be estimated by measuring leakage of LDH, which is a cytosolic enzyme that
aids in the conversion of lactate to pyruvate. When membrane integrity is compromised, the enzyme
is secreted. To determine the leakage of LDH, LNCaP cells were treated with IC50 concentrations of
GO, GO-PtNPs, and PtNPs for 24 h. GO-PtNPs comparatively significantly increased the leakage of
LDH compared to that in the control cells (Figure 8A). GO and PtNPs also increased the leakage of
LDH to a greater extent than that in the control group. However, leakage was lower than that resulting
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from treatment with GO-PtNPs, indicating that the combination of GO and PtNPs acted synergistically
to induce cytotoxicity. GO produces moderate leakage of LDH in a variety of cancer cells including
human breast cancer cells [47], human ovarian cancer cells [8], and human cervical cancer cells [51].
One study [53] reported that human lung cancer cells treated with silver and platinum nanoparticles
released significantly greater amounts of LDH compared to the control. The present and previous data
suggest a correlation between cell viability and damage to the membrane caused by the nanoparticles,
which ultimately proves lethal [54]. Membrane integrity and cell survival was examined by the trypan
blue exclusion assay. Normal healthy cells are able to exclude the dye, but trypan blue will diffuse into
cells in which membrane integrity has been lost. LNCaP cells were treated with IC50 concentrations
of GO, GO-PtNPs, and PtNPs for 24 h. Significant cytotoxic effect was consistently observed in
LNCaP cells. Cytotoxicity was most pronounced for cells treated with GO-PtNPs compared to that for
treatments with GO and PtNPs (Figure 8B).
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treated with respective IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24 h, and the LDH activity
was measured at 490 nm using the LDH cytotoxicity kit (A). Cell death was determined by trypan blue
assay after 24 h of exposure to GO, GO-PtNPs, and PtNPs for 24 h. Cell death was quantified by the
ratio of living cells (B). The treated groups showed statistically significant differences from the control
group by the Student’s t-test (* p < 0.05).

3.9. GO-PtNPs Increase the Level of Oxidative Stress Markers

The effect of GO-PtNPs on ROS generation was evaluated using DCFH2-DA. LNCaP cells were
treated with IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h and then cells were exposed
to 40 µM DCFH2-DA for 30 min. First, we measured the distribution of the fluorescence intensity in
the presence or absence of GO, GO-PtNPs and PtNPs. The treatment of LNCaP cells with GO-PtNPs
led to a marked shift to greater fluorescence peak intensities compared to the untreated control
(Figure 9). Moreover, ROS generation induced by GO-PtNPs resulted in high FITC fluorescence
intensity, indicating an increased susceptibility to oxidative stress. GO-PtNP-treated cells were
more than four times more susceptible than the control samples, while cells treated with GO and
PtNPs exhibited susceptible than the control sample (Supplementary Figure S3); these results are
consistent with the inhibitions of growth and cell proliferation. Subsequently, we evaluated the
level of MDA in GO-, GO-PtNP-, and PtNP-treated cells. The MDA level was significantly higher
in GO-PtNP-treated cells than either GO or PtNPs treatments (Figure 9B). Lipid peroxidation is a
process of oxidation of polyunsaturated fatty acids due to the presence of several double bonds in their
structure and it involves production of peroxides, ROS, and other reactive species, such as MDA. MDA
is a reactive byproduct of lipid peroxidation and an end product that interacts with DNA to forming
3-(2-deoxy-β-d-erythro-pentofuranosyl)pyrimido[1,2-α]purin-10(3H)-one adducts [55]. Increased lipid
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peroxidation and decreased GSH were reported in human embryonic kidney (HEK)293 cells exposed
to PtNPs [56].
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Figure 9. GO, GO-PtNPs, and PtNPs increase ROS generation (A), lipid peroxidation (B), and
nitric oxide (C) and carbonylated protein content (D) in LNCaP cells. LNCaP cells was exposed to
respective IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24 h and then Spectrophotometric
analysis of ROS was measured using DCFH-DA (B). The concentration of MDA was measured MDA
using a thiobarbituric acid reactive substances assay and expressed as nanomoles per milliliter (C).
NO production was quantified spectrophotometrically using the Griess reagent and expressed as
micromoles per milliliter (D). Protein carbonyl content was measured and expressed relative to the
total protein content. The treated groups showed statistically significant differences from the control
group by the Student’s t-test (* p < 0.05).

In general, nanoparticles, such as silver, platinum, and palladium ions, bind to protein disulfide
bonds in the cytoplasm, causing deformities in the protein structure. These malformed proteins
are then incorporated into the plasma membrane, leading to alterations in cell permeability and
cellular death [7,47]. In addition, graphene induces toxicity owing to its distinct physicochemical
characteristics such as purity, lateral dimension, size of the sheets, and oxidation state, which may
influence its cellular uptake, biodegradation, and toxicity. Once in contact with the cell membrane,
graphene sheets can create an impermeable encasement affecting the normal exchange between the
cell and the extracellular environment, graphene oxide can also damage the cell membrane through
strong electrostatic interactions between the negatively charged oxygen groups on its surface and the
positively charged lipids present on cell membranes [57–62].

Nanocytotoxicity may be caused by the induction of oxidative and/or nitro-oxidative stress [63,64].
Therefore, we were interested to determine the fate of GO-PtNPs on the generation of reactive nitrogen
species (RNS). LNCaP cells were treated with IC50 concentrations of GO, GO-PtNPs, and PtNPs for
24 h and then the level of nitric oxide (NO) was determined. Cells treated with either GO or PtNPs
displayed an 8-fold higher level of NO than control. Interestingly, the level of NO was significantly
higher in all tested groups relative to control. The increase in the NO level after 24-h treatment
with GO-PtNPs was 18-fold higher than after incubation with the same concentration of GO or
PtNPs (Figure 9C). Overproduction of ROS and RNS in cells influences various cellular processes
and components, promotes DNA breakage, and impairs the antioxidant potential; it has also been
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associated with carcinogenesis [65]. An increased level of NO in adenocarcinoma cells treated with
silver nanoparticles (AgNPs) alone and in combination with an inhibitor of histone deacetylase (HDAC)
was reported [66].

Carbonyl groups appear to be a significant and stable marker of the oxidative stress that results
from the oxidation of proteins. Increased oxidative stress during altered homeostasis of prooxidants
and antioxidants leads to deleterious effects on cellular components through oxidative damage to
proteins, lipids, and nucleic acids. LNCaP cells were treated with IC50 concentrations of GO, GO-PtNPs,
and PtNPs for 24 h and then the level of carbonylated protein was determined. Cells treated with GO,
PtNPs, and GO-PtNPs showed 5-fold, 8-fold, and 12-fold higher level, respectively, of carbonylated
protein than control (Figure 9D).

3.10. GO-PtNPs Decrease MMP

The integrity of the mitochondrial membrane is regulated by its membrane potential, which
influences electron transport and oxidative phosphorylation. Alteration of MMP causes cellular
apoptosis. Spectrophotometric analysis showed that MMP was significantly compromised in
GO-PtNP-treated cells compared with the control, and treatment with GO or PtNPs decreased
the MMP, and the decrease was markedly more pronounced using GO-PtNPs. Twenty-four hours
of treatment with GO-PtNPs increased the percentage of cells with low MMP (∆ψm) compared to
that of the untreated cells (Figure 10A). The effect of GO-PtNPs on the MMP of LNCaP cells was
evaluated using fluorescence microscopy. LNCaP cells incubated with GO, GO-PtNPs, and PtNPs
underwent mitochondrial damage, resulting in changes in the ∆Ψm. Consequently, the JC-1 aggregate
level was significantly decreased by GO-PtNPs compared to GO or PtNPs, which resulted in low
FITC fluorescence intensity, indicating an increased susceptibility to oxidative stress (Supplementary
Figure S4). Similarly, others [67] reported that a buffalo rat liver cell line treated with silicon oxide
nanoparticles displayed increased cytotoxicity and mitochondrial damage accompanied by decreases
in mitochondrial dehydrogenase activity, MMP, enzymatic expression in the Krebs cycle, and activity
of the mitochondrial respiratory chain complexes I, III, and IV. Similarly, another study [34] reported
the decreased level of MMP and ATP in the presence of AgNPs alone and in combination with an
HDAC inhibitor.

Polymers 2019, 11, x FOR PEER REVIEW 13 of 24 

 

of the mitochondrial respiratory chain complexes I, III, and IV. Similarly, another study [34] reported 
the decreased level of MMP and ATP in the presence of AgNPs alone and in combination with an 
HDAC inhibitor. 

 
Figure 10. GO, GO-PtNPs, and PtNPs decrease mitochondrial membrane potential and ATP content. 
LNCaP cells were treated with respective IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h 
and spectrophotometric determination of JC-1 monomer/aggregate formation using cationic 
fluorescent indicator JC-1 (A). Intracellular ATP content (B). The treated groups showed statistically 
significant differences from the control group by the Student’s t-test (*p < 0.05). 

Next, we examined the impact of GO-PtNPs on ATP synthesis. Synthesis of ATP is highly 
dependent on the integrity of the mitochondrial membrane, which regulates the pumping of 
hydrogen ions across the inner membrane during electron transport and oxidative phosphorylation 
[67]. Therefore, the effect of GO-PtNPs on the ATP synthesis in LNCaP cells was evaluated. As shown 
in Figure 10B, compared with that in the control, treatment of LNCaP cells with GO, PtNPs, and GO-
PtNPs resulted in a decreased level of ATP, but these decreases were highly significant in the latter 
treatment. These results indicated that ATP synthesis was suppressed by GO-PtNPs. A 24-h 
treatment with GO-PtNPs resulted in decreased ATP synthesis with low MMP (Δψm), compared to 
that in the untreated cells. This result suggested that MMP and ATP synthesis are associated.  

3.11. GO-PtNPs Impair Antioxidant Systems 

The generation of ROS in cells occurs in equilibrium with a wide variety of antioxidant 
molecules, including SOD, catalase, GPx, and peroxiredoxins, as well as nonenzymatic scavengers, 
such as vitamin C, vitamin E, GSH, lipoic acid, carotenoids, and iron chelators [68]. Therefore, we 
evaluated the impact of oxidative stress in GO-PtNP-induced prostate cancer cell death. LNCaP cells 
were treated with IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24 h and the protein level of 
selected antioxidant enzymes was determined (GSH, GSH, GSSG, SOD, CAT, GPx, and TRX). A 
statistically significant reduction in the levels of all enzymes was evident after treatment with GO, 
PtNPs, and GO-PtNPs. The latter treatment produced the greatest reductions (Figure 11). A previous 
study reported that AgNPs also reduced the activities of GSH, GSH: GSSG, SOD, CAT, GPx, and TRX 
[38]. Similarly, a reduced level of SOD was observed in human skin carcinoma and human 
fibrosarcoma after exposure to 7–20 nm AgNPs [69,70]. Decreased GPX activity in rat 
pheochromocytoma and mouse neuroblastoma cells by ZrO2NPs < 100 nm was reportedly related to 
genotoxic and cytotoxic effects [71]. Others [72] observed that PANC-1 cells treated with 2.6 nm and 
18 nm AgNPs displayed decreased levels of SOD1 protein and mRNA, respectively. The lower level 
of SOD activity in MCF-7 breast cancer cells leads to a drastic alteration in the morphology of the 

Figure 10. GO, GO-PtNPs, and PtNPs decrease mitochondrial membrane potential and ATP content.
LNCaP cells were treated with respective IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h and
spectrophotometric determination of JC-1 monomer/aggregate formation using cationic fluorescent
indicator JC-1 (A). Intracellular ATP content (B). The treated groups showed statistically significant
differences from the control group by the Student’s t-test (* p < 0.05).
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Next, we examined the impact of GO-PtNPs on ATP synthesis. Synthesis of ATP is highly
dependent on the integrity of the mitochondrial membrane, which regulates the pumping of hydrogen
ions across the inner membrane during electron transport and oxidative phosphorylation [67]. Therefore,
the effect of GO-PtNPs on the ATP synthesis in LNCaP cells was evaluated. As shown in Figure 10B,
compared with that in the control, treatment of LNCaP cells with GO, PtNPs, and GO-PtNPs resulted
in a decreased level of ATP, but these decreases were highly significant in the latter treatment. These
results indicated that ATP synthesis was suppressed by GO-PtNPs. A 24-h treatment with GO-PtNPs
resulted in decreased ATP synthesis with low MMP (∆ψm), compared to that in the untreated cells.
This result suggested that MMP and ATP synthesis are associated.

3.11. GO-PtNPs Impair Antioxidant Systems

The generation of ROS in cells occurs in equilibrium with a wide variety of antioxidant molecules,
including SOD, catalase, GPx, and peroxiredoxins, as well as nonenzymatic scavengers, such as
vitamin C, vitamin E, GSH, lipoic acid, carotenoids, and iron chelators [68]. Therefore, we evaluated
the impact of oxidative stress in GO-PtNP-induced prostate cancer cell death. LNCaP cells were
treated with IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24 h and the protein level of selected
antioxidant enzymes was determined (GSH, GSH, GSSG, SOD, CAT, GPx, and TRX). A statistically
significant reduction in the levels of all enzymes was evident after treatment with GO, PtNPs, and
GO-PtNPs. The latter treatment produced the greatest reductions (Figure 11). A previous study
reported that AgNPs also reduced the activities of GSH, GSH: GSSG, SOD, CAT, GPx, and TRX [38].
Similarly, a reduced level of SOD was observed in human skin carcinoma and human fibrosarcoma
after exposure to 7–20 nm AgNPs [69,70]. Decreased GPX activity in rat pheochromocytoma and
mouse neuroblastoma cells by ZrO2NPs < 100 nm was reportedly related to genotoxic and cytotoxic
effects [71]. Others [72] observed that PANC-1 cells treated with 2.6 nm and 18 nm AgNPs displayed
decreased levels of SOD1 protein and mRNA, respectively. The lower level of SOD activity in MCF-7
breast cancer cells leads to a drastic alteration in the morphology of the mitochondria associated
with increased fragmentation and swelling of the matrix [73]. Consistent with previous results from
GO-PtNP-treated LNCaP cells [73], the cell death that occurred following the reduction of SOD level
by SOD inhibitor likely occurred through a combination of the regulated mechanism (apoptosis)
and unregulated mechanism (oxidative damage to the organelles). The collective data indicate that
GO-PtNPs effectively influence the level of antioxidant molecules and eventually compromise the
redox balance in LNCaP cells.

3.12. Effect of GO-PtNPs on Expression of Proapoptotic and Antiapoptotic Genes

Reduced ROS is considered an essential regulator of the normal physiological functions of cells.
Increased levels of ROS could damage proteins, nucleic acids, lipids, membranes, and organelles,
which can lead to activation of cell death processes like apoptosis [74]. ROS play significant roles in the
activation of various cellular signaling pathways and transcription factors. One of the most targeted
genes with respect to DNA damage are tumor suppressor p53, a gene involved in cell cycle arrest, DNA
repair, senescence, and apoptosis [75,76], and p21, a gene involved in cell cycle regulation. Furthermore,
ROS induces the activity of genes, such as Bax and Bak, which are involved in mitochondria mediated
apoptosis and downregulates Bcl2 and Bcl-xl. To determine the effect of GO-PtNPs on expression of
proapoptotic and antiapoptotic genes, cells were treated with IC50 concentrations of GO, GO-PtNPs,
and PtNPs for 24 h, and the m-RNA expressions of the target genes were determined. As expected,
the levels of p53, p21, Bax, Bak, caspase-9, and caspase-3 were significantly upregulated, whereas
the levels of Bcl2 and Bcl-xl were significantly downregulated by up to three-fold (Figure 12). Bcl-2
expression decreased 2.5 times compared to the control. A previous study [77] found that cells treated
with PtNPs experienced genotoxic stress due to the activation of p53 and p21, which eventually led to
proliferating cell nuclear antigen-mediated growth arrest and apoptosis. Our results were consistent
with the recent finding [78] that PtNP-treated DEN animals showed significant increase in liver p53
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gene expression level than normal rats. Other [56] reported that exposure of HEK293 cells to PtNPs
induced the upregulation of Bax and the downregulation of Bcl2.
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Figure 11. Effect of GO, GO-PtNPs, and PtNPs on antioxidant markers. LNCaP cells were treated
with respective IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h. After incubation, cells
were harvested and washed twice with an ice-cold phosphate-buffered saline solution. The cells
were collected and disrupted by ultrasonication for 5 min on ice. GSH concentration is expressed as
percentage of control (A). GSH:GSSG ratio is expressed as percentage of control (B). SOD concentration is
expressed as percentage of control (C). CAT is expressed as percentage of control (D). GPx concentration
is expressed as percentage of control (E). TRX is expressed as percentage of control (F). There was a
significant difference in treated cells compared to untreated cells with Student’s t-test (* p < 0.05).

The findings confirm that PtNPs induce mitochondria-mediated apoptosis, which is primarily
responsible for cisplatin production and ROS generation in cell organelles [79]. Caspases play a
significant role in apoptosis. We found that the LNCaP cells treated with IC50 concentrations of GO,
GO-PtNPs, and PtNPs for 24 h displayed significantly increased caspase-9 and caspase-3 activities.
Caspase-9 plays a significant role in signal transduction by induction of the executioner caspases-3
and -7 [38,80]. Similarly, PtNPs induced caspase-3 activity in a dose-dependent manner in HEK293
cells [56]. Cisplatin-induced DNA damage is related to the ratio of proapoptotic and antiapoptotic
proteins, and release of cytochrome c from mitochondria followed by the activation of cysteine caspases
selectively degrades the target proteins [81]. The collective data indicate that GO-PtNPs induce the
intrinsic pathway of apoptosis, which is mediated by the upregulation of proapoptotic genes and the
downregulation of antiapoptotic genes.

174



Polymers 2019, 11, 733

Polymers 2019, 11, x FOR PEER REVIEW 15 of 24 

 

were determined. As expected, the levels of p53, p21, Bax, Bak, caspase-9, and caspase-3 were 
significantly upregulated, whereas the levels of Bcl2 and Bcl-xl were significantly downregulated by 
up to three-fold (Figure 12). Bcl-2 expression decreased 2.5 times compared to the control. A previous 
study [77] found that cells treated with PtNPs experienced genotoxic stress due to the activation of 
p53 and p21, which eventually led to proliferating cell nuclear antigen-mediated growth arrest and 
apoptosis. Our results were consistent with the recent finding [78] that PtNP-treated DEN animals 
showed significant increase in liver p53 gene expression level than normal rats. Other [56] reported 
that exposure of HEK293 cells to PtNPs induced the upregulation of Bax and the downregulation of 
Bcl2.  

 
Figure 12. Effect of GO, GO-PtNPs, and PtNPs on the expression of pro- and antiapoptotic genes. 
LNCaP cells were treated with respective IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h. 
The relative messenger RNA(mRNA) expression of P53 (A), P21 (B), Bax (C), Bak (D) Bcl-2 (E), Bcl-xl 
(F), caspase-9 (G), and caspase-3 (H) was analyzed by quantitative reverse-transcription polymerase 
chain reaction in LNCaP cells treated for 24 h. After 24-h treatment, expression fold level was 
determined as fold changes in reference to expression values against GAPDH. Results are expressed 
as fold changes. There was a significant difference in treated cells compared to untreated cells with 
Student’s t-test (*p < 0.05). 

The findings confirm that PtNPs induce mitochondria-mediated apoptosis, which is primarily 
responsible for cisplatin production and ROS generation in cell organelles [79]. Caspases play a 
significant role in apoptosis. We found that the LNCaP cells treated with IC50 concentrations of GO, 
GO-PtNPs, and PtNPs for 24 h displayed significantly increased caspase-9 and caspase-3 activities. 
Caspase-9 plays a significant role in signal transduction by induction of the executioner caspases-3 
and -7 [38,80]. Similarly, PtNPs induced caspase-3 activity in a dose-dependent manner in HEK293 
cells [56]. Cisplatin-induced DNA damage is related to the ratio of proapoptotic and antiapoptotic 
proteins, and release of cytochrome c from mitochondria followed by the activation of cysteine 
caspases selectively degrades the target proteins [81]. The collective data indicate that GO-PtNPs 
induce the intrinsic pathway of apoptosis, which is mediated by the upregulation of proapoptotic 
genes and the downregulation of antiapoptotic genes.  

Figure 12. Effect of GO, GO-PtNPs, and PtNPs on the expression of pro- and antiapoptotic genes.
LNCaP cells were treated with respective IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h.
The relative messenger RNA(mRNA) expression of P53 (A), P21 (B), Bax (C), Bak (D) Bcl-2 (E), Bcl-xl (F),
caspase-9 (G), and caspase-3 (H) was analyzed by quantitative reverse-transcription polymerase chain
reaction in LNCaP cells treated for 24 h. After 24-h treatment, expression fold level was determined as
fold changes in reference to expression values against GAPDH. Results are expressed as fold changes.
There was a significant difference in treated cells compared to untreated cells with Student’s t-test
(* p < 0.05).

3.13. GO-PtNPs Increase the Levels of 8-oxodG and 8-oxo-G by Causing Oxidative Damage to DNA

Overproduction of ROS can induce lipid peroxidation as well as 3-( pyrimido[1,2-α]purin-10(3H)-one
and 8-oxodG. Nanoparticles cause several toxic effects, which include chromosomal aberrations, DNA
strand breakage, oxidative damage to DNA, and mutations [82,83]. Several assays have been used for
the detection of NP-related oxidative damaged to DNA, especially measuring the oxidative level of
8-oxodG. Among several oxidative stress markers, 8-oxodG plays a significant role in DNA damage
due to the prevalent oxidative lesions. To measure the levels of 8-oxodG and 8-oxoG, LNCaP cells
were treated with IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24 h. Cells treated with GO
and PtNPs displayed 4- and 7-fold increases in 8-oxodG and 8-oxoG levels, respectively, compared
to those in the control group. Similarly, the cells treated with GO and PtNPs displayed 3-fold and
5-fold increases, respectively, compared to the control group. Cells treated with GO-PtNPs displayed a
12-fold increase compared to the control (Figure 13).

In another study, the exposure of human cells to PtNPs increased DNA damage, accumulation
of cells at the S-phase of the cell cycle, and apoptosis [77]. HEK cells exposed to PtNPs reportedly
displayed dose-dependent DNA damage that could be severe [56]. In another study [84], Fe3O4-NPs
induced significant generation of 8-oxodG only at a higher concentration (60 µg/mL) and after more
than 24 h of incubation. LNCaP cells exposed to PtNPs are expected to display significantly increased
intracellular levels of ROS, which will damage DNA. A recent study suggested that PtNPs inhibit
DNA replication and affect the secondary structure of DNA at higher concentrations in human cells
and bacteria. In the study, the encapsulation of PtNPs in liposomes (LipoPtNPs) caused approximately
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2.4 times higher DNA damage in comparison with CisPt, LipoCisPt, and PtNPs [85]. This was also
found in our system, where exposure of LNCaP cells was significantly associated with higher levels of
both 8-oxodG and 8-oxoG adducts after 24 h of incubation in comparison to that in the untreated cells.
The generation of oxidative DNA lesions seems to be responsible for the induction of apoptotic death
in cancer cells.
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Figure 13. GO, GO-PtNPs, and PtNPs increase DNA damage. LNCaP cells were treated with respective
IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h. 8-oxo-dG and 8-oxo-G were measured
after 24 h of exposure of LNCaP cells. There was a significant difference in treated cells compared to
untreated cells with Student’s t-test (* p < 0.05).

3.14. Impact of GO-PtNPs on Expression of GENES involved in Cell Cycle and DNA Damage

To further substantiate that oxidative DNA damage induced apoptosis, we evaluated the effect
of GO-PtNPs on cell cycle arrest and DNA damage by evaluating the expressions of repair genes,
including CDK2, CDK4, GADD45A, OGG1, APEX1, CREB1, UNG, and POLB, by RT-PCR after 24 h
exposure to GO, GO-PtNPs, and PtNPs. The genes were significantly upregulated from 1- to 4-fold.
CDK2 and CDK4 are tightly regulated by p21, which is controlled by p53. Cdk2 and Cdk4 inhibition by
p21 are significant in G1 arrest upon DNA damage by various stresses and for cellular senescence, and
p21 is an essential gene for p53-mediated G1 arrest in human cancer cells [86,87]. p53 is also believed
to inhibit Cdk4 activity through p21 and by the repression of Cdk4 synthesis [88,89]. Inhibition of the
cyclin-dependent kinases Cdk2 and Cdk4 is initiated by p53 and p21. It was reported [78] that the effect
of PtNPs was more potent than that of cisplatin in hepatocellular carcinoma induced in rats. PtNPs
inhibit cell proliferation by the induction of apoptotic cell death, which reduces cell viability and causes
internucleosomal DNA fragmentation, G2/M cell cycle arrest, and hypodiploid accumulation [90].
The release of platinum ions from PtNPs inhibits cell division by binding to DNA, which causes DNA
damage and downregulates the expression of proliferating cell nuclear antigen [77]. Furthermore,
the present results suggested that GO, GO-PtNPs, and PtNPs significantly induced the expression of
all the tested genes. In particular, the upregulation by GO-PtNPs was 2- to 4-fold higher than that in
cells treated with GO or PtNPs (Figure 14).

Graphene quantum dots trigger ROS generation, which triggers upregulation of genes associated
with DNA damage [91]. In another study, GO-treated cells showed increased expression of DNA
damage genes, including ATM and RAD51 [92]. Thus, GO-PtNPs effectively induce apoptosis
compared to GO or PtNPs through inducing oxidative stress in LNCaP cells. These results agree with
those of previous studies on the effect of PtNPs on fibroblast, glioblastoma, and A549 lung carcinoma
cells [53,77]. Additionally, the increased expressions of all tested genes, 8-oxo-dG, and 8-oxoG is
suggestive of oxidative damage to DNA. A hypothetical model demonstrates that the mechanism of
GO-PtNPs induced oxidative stress and DNA damage in LnCaP cells (Figure 15).
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Figure 14. Effect of GO, GO-PtNPs, and PtNPs on expression cell cycle arrest and DNA damage genes.
LNCaP cells were treated with respective IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24
h. Relative messenger RNA(mRNA) expression of CDK2 (A), CDK4 (B), GADD45A (C), OGG1 (D)
APEX1 (E), CREB1 (F), POLB (G), and UNG (H) was analyzed by quantitative reverse-transcription
polymerase chain reaction in LNCaP cells treated for 24 h. After 24-h treatment, expression fold level
was determined as fold changes in reference to expression values against GAPDH. Results are expressed
as fold changes. There was a significant difference in treated cells compared to untreated cells with
Student’s t-test (* p < 0.05).
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4. Conclusions

In this study, we have successfully demonstrated a simple, environmentally friendly, and green
approach for synthesis of GO-PtNPs using vanillin as a reducing and stabilizing agent. Cytotoxicity of
GO-PtNPs was explored by determinations of cell viability, cell proliferation, and series of cellular
assays. The results revealed a more effective dose-dependent effect caused by GO-PtNPs compared to
either GO or PtNPs. Assessment of cytotoxicity test by examination of lactate dehydrogenase leakage
and membrane integrity revealed that GO-PtNPs potentially caused cell death. GO-PtNPs increased
the level of reactive oxygen species, malondialdehyde (MDA), nitric oxide (NO), and carbonylated
protein levels. The imbalance between pro- and antioxidant levels led to the loss of mitochondrial
integrity. In addition, GO-PtNP-treated cells exhibited mitochondrial-mediated apoptosis due to
the upregulation of p53, p21, Bax, and Bak, and the downregulation of Bcl-2 and Bcl-xl. GO-PtNPs
decreased the MMP and subsequently decreased the level of adenosine triphosphate production.
Ultimately, GO-PtNPs caused programmed cell death by the upregulation of proapoptotic genes,
including p53, p21, Bax, Bak, caspase 9, and caspase-3, and downregulation of the antiapoptotic
marker genes Bcl-2 and Bcl-xl. These results further substantiated that GO-PtNPs nanocomposites can
potentially disturb cell viability by inducing DNA cellular damage and genotoxicity by modulating
the genes expression responsible for cell cycle arrest, DNA damage, and DNA repair, and increasing
the levels of 8-oxo-dG and 8-oxo-G. GO-PtNPs significantly impaired the multiplication of cancer cells
compared to GO or PtNPs alone. Hence, we can conclude that GO-PtNPs are potentially valuable as
an alternate therapeutic agent for cancer. This piece of work could provide a step forward to improve
therapeutic efficiency of biologically synthesized biocompatible and nontoxic agent seems to be one of
promising techniques for cancer treatments.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/11/4/733/s1,
Figure S1: Characterization of GO and GO-PtNPs by SEM and TEM, morphology of GO (A), GO-PtNPs (B),
and size of GO (C), and GO-PtNPs (D) were analyzed by SEM and TEM, respectively. The red circle indicates
decoration of PtNPs particles on the surface of graphene sheet (white arrow). The graphene sheet depicted
as wrinkled structure. E. The size distribution of GO. F. Size distribution of GO-PtNPs, Figure S2: The cell
morphology was analyzed by phase-contrast microscope. The morphology of LNCaP cells was determined
after 24-h exposure to different concentrations of GO (A), GO-PtNPs (B), and PtNPs (C) using light microscope.,
Figure S3: LNCaP cells was exposed to respective IC50 concentration of GO, GO-PtNPs, and PtNPs for 24 h
and then ROS was measured using DCFH-DA-FITC by fluorescence microscopy analysis. Scale bar = 200 µm.
Figure S4: LNCaP cells were exposed to respective IC50 concentrations of GO, GO-PtNPs, and PtNPs for 24 h and
then MMP was analyzed by fluorescence microscopy analysis. Scale bar = 200 µm.
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Abstract: Using a one-step thermal reduction and non-covalent chemical functionalization process,
PEGylated reduced nanographene oxide (rGOn-PEG) was produced from nanographene oxide (GOn)
and characterized in terms of particle size, dispersion stability, chemistry, and photothermal properties,
in view of its use for photothermal therapy (PTT) of non-melanoma skin cancer. GOn infrared
spectrum presented more intense bands assigned to oxygen containing functional groups than
observed for rGOn-PEG. GOn C/O ratio decreased more than 50% comparing with rGOn-PEG and
nitrogen was present in the latter (N at % = 20.6) due to introduction of PEG-NH2. Thermogravimetric
analysis allowed estimating the amount of PEG in rGOn-PEG to be of about 56.1%. Simultaneous
reduction and PEGylation increased the lateral dimensions from 287 ± 139 nm to 521 ± 397 nm,
as observed by transmission electron microscopy and dynamic light scattering. rGOn-PEG exhibited
≈13-fold higher absorbance in the near-infrared radiation (NIR) region, as compared to unmodified
GOn. Low power (150 mW cm−2) NIR irradiation using LEDs resulted in rGOn-PEG heating up
to 47 ◦C, which is within the mild PTT temperature range. PEGylation strongly enhanced the
dispersibility of rGOn in physiological media (phosphate buffered saline, fetal bovine serum, and cell
culture medium) and also improved the biocompatibility of rGOn-PEG, in comparison to GOn
(25–250 µg mL−1). After a single NIR LED irradiation treatment of 30 min, a decrease of ≈38% in
A-431 cells viability was observed for rGOn-PEG (250 µg mL−1). Together, our results demonstrate the
potential of irradiating rGOn-PEG using lower energy, cheaper, smaller, and safer LEDs, as alternative
to high power lasers, for NIR mild hyperthermia therapy of cancer, namely non-melanoma skin cancer.

Keywords: graphene; light emitting diode; phototherapy; polyethylene glycol; thermal reduction

1. Introduction

Non-melanoma skin cancer (NMSC) has been reported as one of the most common types of cancer
worldwide, with an estimation of over 3 million diagnoses each year in the USA [1]. Despite including
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different malignancies, basal cell and squamous cell carcinomas are the most frequent types of
NMSC [1–3]. Depending on disease risk level, surgical excision or radiotherapy are the standard
treatment options. Severe cases of high-risk primary, recurrent, or metastatic NMSC frequently
require multimodal therapy [1,3–5]. However, functional and cosmetic outcomes are still variable,
requiring novel treatment strategies.

Photothermal therapy (PTT) is being increasingly explored as an alternative non-invasive cancer
treatment. It relies on tumor irradiation with a near-infrared (NIR) laser, either topically or interstitially
through an optical fiber, leading to light energy conversion into heat, ultimately resulting in tumor
ablation [6]. Two different mechanisms can be broadly identified. Particularly, hyperthermia results
from mild temperature increases leading to the activation of cellular apoptotic pathways, whereas tumor
ablation is achieved with rapid temperature increases (> 50 ◦C) [7]. Nanomaterials hold potential as
photothermal absorbers to enhance PTT selectivity within the target tumor tissue toward achieving
therapeutic temperatures (> 41 ◦C) using less total light energy, minimizing damage to the healthy
surrounding tissue [6].

Over the past decade, graphene-based materials (GBM) have been widely explored for
a huge number of applications, including energy, aerospace, biomedicine, and health [8–15].
Recently, GBM emerged as potential PTT-based cancer therapy platforms owing to their high
NIR absorption [16–18]. Similarly to graphene-based materials, other 2D nanomaterials are being
increasingly explored for PTT cancer treatment, including black phosphorus (BP) and transition metal
dichalcogenides (TMDs), among others [17]. However, BP is highly sensitive to water and oxygen [19]
and frequently requires the combination with gold nanoparticles to achieve NIR photothermal
transduction efficiency [20,21]. In turn, TMDs are gaining interest, but low-yield and low-quality
exfoliation methods still pose enormous challenges to their application in biomedicine [22,23].

Graphene oxide (GO) has been receiving increased attention in the field of biomedicine due to
its surface chemistry with abundant oxygen reactive functional groups that enables a wide range
of chemical modifications and bioconjugation approaches [13,24–26]. We have previously shown
that oxidation of graphene nanoplatelets resulted in enhanced in vitro biocompatibility of these 2D
nanomaterials when cultured with human dermal fibroblasts at concentrations up to 100 µg mL−1 [27].
However, while improving water dispersibility and biocompatibility, oxidation of graphene into
GO results in diminished electronical and optical conductivity [24,28]. Chemical, thermal, and
electro/photochemical reduction methods are widely investigated to restore the aromatic structure
of graphene and obtain reduced GO with high NIR absorption capacity and biocompatibility
for applications in human health [13]. Over the years, green reduction combined with chemical
functionalization methods using biocompatible polymers, such as polyethylene glycol (PEG), to act as
surfactants have been reported [29–34]. Such methods yield NIR-absorbing photothermal agents that
can strongly absorb NIR light and convert it into cytotoxic temperature increases for local hyperthermia.

In the present work, we envisioned to develop a graphene-based PTT agent to be explored for
low power NIR-induced photohyperthermia therapy with prospective application in the treatment
of NMSC. To achieve this goal, key requisites were considered: (1) a nano-sized material to enhance
skin permeation and retention [35,36]; (2) strong NIR absorption capacity to enable low power
NIR-triggered hyperthermia; and (3) biocompatibility in the absence of NIR irradiation. Building up
on a previously described protocol for single step thermal reduction and PEGylation of graphene
oxide [37], we prepared non-covalently functionalized nanosized reduced graphene oxide (rGOn-PEG)
and characterized in detail the impact of this process on the physicochemical properties of developed
materials through multiple complementary techniques. Herein, we obtained a stable dispersion of
rGOn-PEG through a ‘water-only’ reduction protocol. This study enabled us to identify the main
chemical features and quantify the chemical modification obtained through such a green and facile
method. We further explored the developed material as a NIR-absorbing agent for PTT treatment
using low power NIR light source to achieve a hyperthermia effect, envisioning application in the
treatment of superficial non-melanoma skin cancers, which constitutes a novel approach.
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2. Materials and Methods

2.1. Synthesis of Nanographene Oxide (GOn)

Graphene oxide was prepared from graphite powder (size ≤ 20 µm, Sigma Aldrich, St. Louis, MO,
USA) by oxidation using the modified Hummer’s method, as described before [27,38]. Briefly, a mixture
of 320 mL of sulfuric acid (H2SO4, VWR, Darmstadt, Germany) and 80 mL of phosphoric acid (H3PO4,
Chem-Lab, Zedelgem, Belgium) was added to 8 g of graphite while stirring, and the solution was cooled
using an ice bath. Then, 48 g of potassium permanganate (KMnO4, JMGS, Odivelas, Portugal) were
added gradually and the solution was heated to 35 ◦C and stirred for 2 h. Subsequently, 1200 mL of H2O
were slowly added under stirring and with temperature control using an ice bath. Finally, hydrogen
peroxide (H2O2, VWR, Darmstadt, Germany) was added to stop the reaction. After overnight resting,
the solution was decanted to separate the solid phase from the acidic solution, centrifuged at 4000 rpm
for 20 min, and redispersed in distilled water. The process was repeated until achieving a neutral
pH in the supernatant. In order to produce smaller GO flakes, the pellet recovered in the previous
step was re-dispersed in distilled water and placed in an ultrasonic bath (Ovan ATM40-3LCD) for 4 h.
The sonication was followed by a centrifugation step at 13,000 rpm for 30 min, allowing the separation
of two different phases. The upper phase corresponds to nanographene oxide (GOn) particles and was
recovered for further use.

2.2. One-Step Reduction and PEGylation of GOn

Reduced nanographene oxide (rGOn) was produced and functionalized through a single step
process, as previously described [37]. For this purpose, 10 mL of GOn (500 µg mL−1) were mixed
with 50 mg of poly(ethylene glycol) bis(amine) (PEG-NH2, average Mn = 3350, Sigma, St. Louis, MO,
USA). The mixture was then homogenized using an ultrasonic bath (Ovan ATM40-3LCD) for 10 min.
Finally, the mixture was left in a water bath for 24 h at 90 ◦C. In order to remove unstable aggregates
and excess PEG-NH2, rGOn-PEG was washed four times with deionized water and centrifuged at
13,000 rpm for 10 min. After the washing step, the pellet was redispersed in water to obtain purified
rGOn-PEG suspensions. As controls, GOn dispersions incubated with PEG were maintained at room
temperature for 24 h; and rGOn was prepared following the same thermal reduction protocol in the
absence of PEG.

2.3. Physicochemical Characterization of Graphene-Based Materials

2.3.1. Transmission Electron Microscopy

Morphology and lateral dimensions of GOn and rGOn-PEG dispersions were analyzed by
transmission electron microscopy (TEM, JEOL JEM 1400 TEM, Tokyo, Japan). Aqueous dispersions
were prepared at a concentration of 50 µg mL−1. For each sample, 10 µL were deposited on a carbon
coated TEM grid and allowed to sediment for 1 min, followed by excess material removal by capillarity
using filter paper. Nanomaterial lateral dimensions were measured on several TEM images using
ImageJ software. Results are presented as frequency distribution of lateral dimensions from over 100
or 25 particles for GOn or rGOn-PEG, respectively.

2.3.2. Dynamic Light Scattering

Particle size distributions for GOn and rGOn-PEG were determined by dynamic light scattering
(DLS, LS230 particle size analyzer, Beckman Coulter, Brea, CA, USA). The materials were dispersed in
water at a concentration of 100 µg mL−1 prior to the measurements. Data were collected performing
two scans of 60 s, including polarization intensity differential scattering and using Fraunhofer’s
model. This model assumes spherical shape for particles in suspension. This evaluation of size
distributions does not correspond to precise estimations of particle size and must be considered as
relative evaluations of deagglomeration of the different materials in water [27].
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2.3.3. Zeta Potential Measurements

Prior to zeta potential measurements, GOn and rGOn-PEG dispersions were prepared at a
concentration of 50 µg mL−1 and pH 7.4. Zeta potentials of aqueous dispersions were determined
using a Zetasizer Nano-ZS (Malvern Instruments, Worcestershire, UK) in a disposable Zetasizer cuvette
(Malvern Instruments, Worcestershire, UK). Each measurement was performed in triplicate at room
temperature and results are reported as mean and standard deviation.

2.3.4. UV/Visible Spectroscopy

Absorption spectra of GOn and rGOn-PEG were acquired using a Lambda 35 UV/vis spectrometer
(Perkin-Elmer, Waltham, MA, USA). Samples were transferred to a 160 µL quartz cuvette (Hellma
Analytics, Analytica Munich, Germany) with 10 mm light path length and spectra were recorded in
the range of 200–850 nm. Measurements were performed at room temperature by averaging three
scans with baseline correction based on water as a blank control.

2.3.5. Fourier Transform Infrared (FTIR) Spectroscopy

Infrared spectra of GOn and rGOn-PEG dehydrated samples were recorded using a VERTEX
70 FTIR spectrometer (Bruker, Karlsruhe, Germany) in transmittance mode at room temperature.
Samples were measured in ATR mode, with a A225/Q PLATINUM ATR Diamond crystal with single
reflection accessory. Spectra were recorded by averaging 64 scans at a resolution of 4 cm−1 over the
wavenumber range between 4000 and 400 cm−1.

2.3.6. X-ray Photoelectron Spectroscopy

X-ray photoelectron spectroscopy (XPS) analysis was performed at CEMUP (Centro de Materiais
da Universidade do Porto, Porto, Portugal) using a Kratos Axis Ultra HSA for data acquisition.
For analysis, a monochromator Al X-ray source operating at 15 kV (90 W) was used. Survey XPS
spectra were acquired with pass energy of 80 eV, 1 eV step size and 200 ms dwell time. High resolution
C1s XPS spectra were acquired with pass energy of 40 eV, 0.1 eV step size, and 1000 ms dwell time.
Spectra were processed using CasaXPS software (Casa Software Ltd., Teignmouth, UK). The effect
of the electric charge was corrected by calibrating all samples to the reference of the carbon peak
(284.6 eV).

2.3.7. Thermogravimetric Analysis

Thermogravimetric analysis (TGA) (Netzsh STA 449 F3 Jupiter, Selb, Germany) was used for
comparison of different materials weigh loss under a constant temperature increase. Sample amounts
ranged from 4 to 4.5 mg. The thermograms were recorded between 30 and 1000 ◦C at a heating rate of
10 ◦C min−1 under nitrogen flow. Results are presented as percentage (%) of weight loss.

2.4. Photothermal Properties of rGOn-PEG

To evaluate the light-to-heat conversion ability of GOn and rGOn-PEG, 150 µL of GOn, and
rGOn-PEG dispersions at different concentrations in a range between 25 and 250 µg mL−1 and water
(used as control) were placed in a 48-well plate. All samples were irradiated with a LED-based source
with a peak emission around 810 nm (NIR region) and irradiance of 150 mW cm−2. The light-induced
temperature change on the samples was monitored during 30 min of irradiation, using a type K
thermocouple placed centered and half-height in the suspension. Three replicates were used per
condition and results are presented as mean and standard deviation of absolute temperature.
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2.5. In Vitro Studies

2.5.1. Cell Culture

Biological studies were performed using A-431 human epidermoid carcinoma cells (ATCC,
CRL-1555). Cells were cultured in Dulbecco’s modified Eagle’s medium (DMEM, ATCC) supplemented
with 10% (v/v) fetal bovine serum (Alfagene, Carcavelos, Portugal) and 1% (v/v) penicillin/streptomycin
(Biowest, Pays De La Loire, France). Cells were maintained in a humidified atmosphere with 5%
CO2/95% air at 37 ◦C.

2.5.2. Cytotoxicity Assays

The effect of GOn and rGOn-PEG on cell viability was evaluated using different concentrations
in a range between 25 and 250 µg mL−1. Cells were seeded in 48-well plates at a density of 4 × 104

cells/well, incubated at 37 ◦C and 5% CO2. Upon sub-confluence (24 h), culture medium was replaced
by GOn or rGOn-PEG dispersions in a final volume of 150 µL/well (in complete DMEM) and cells
were incubated with the materials for 24 h. Then, cell viability was quantified by resazurin assay.
Briefly, material dispersions were removed, cells were washed with PBS and incubated in 10% (v/v)
resazurin reagent (Sigma-Aldrich, St. Louis, MO, USA) in culture medium at 37 ◦C and 5% CO2 for 4 h.
The fluorescence (λex/em = 530/590 nm) of the supernatant was measured using a micro-plate reader
spectrophotometer (Synergy Mx, Bio-Tek Instruments, Winooski, VT, USA). Negative and positive
controls for cell viability decrease were performed by incubating A-431 cells with complete DMEM
and 10% (v/v) dimethyl sulfoxide (DMSO) in complete DMEM, respectively. Data for each sample
were normalized to the negative control and results are presented as % of control. All assays were
performed in triplicate with six replicates for each condition tested.

2.5.3. Photothermal Irradiation Assays

To evaluate the combined effect of GBM and NIR irradiation, A-431 cells were seeded and incubated
with rGOn-PEG dispersions at increasing concentrations (25–250 µg mL−1), as described above.
After 24 h of incubation with rGOn-PEG, cells were irradiated for 30 min using a LED-based source
with peak emission around 810 nm (NIR region) and irradiance of 150 mW cm−2. Immediately after
irradiation, the medium containing rGOn-PEG dispersions was removed, cells were washed with
PBS, and resazurin assay was performed as described above. For this purpose, negative and
positive controls were performed using irradiated A-431 cells with complete DMEM and 10% (v/v)
dimethyl sulfoxide (DMSO) in complete DMEM, respectively. To compare the effects of increasing
concentrations of rGOn-PEG in the presence (LED on) or absence (LED off) of NIR irradiation, results are
presented as mean relative fluorescence units (RFU) and standard deviation. To compare the effects
of NIR irradiation, a negative control in the absence of materials was considered for normalization.
Additionally, GOn dispersions at the same concentration were included in NIR irradiation assays as
non-absorbing materials for comparison. All assays were performed in triplicate with six replicates for
each condition tested.

2.6. Statistical Analyses

Statistical analyses were performed using GraphPad Prism software (version 8.4.2, San Diego,
CA, USA). One-way and two-way analysis of variance (ANOVA) with Tukey tests for multiple
comparisons were performed. Differences between experimental groups were considered significant
with a confidence interval of 95%, whenever p < 0.05.
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3. Results

3.1. GBM Morphological Properties, Particle Size, and Stability

Graphene oxide (GO) was prepared from graphite using a modified Hummer’s method, followed
by ultrasonication to obtain nanosized GO (GOn). GOn was then reduced and non-covalently
PEGylated through a one-step procedure, as previously reported [37]. For this purpose, GOn was
mixed with PEG-NH2 for 24 h under thermally reducing conditions. Figure 1 shows as-prepared
GBM dispersions. GOn presented its typical appearance, as a brownish stable aqueous dispersion.
Conjugation of GOn and PEG in aqueous solution at room temperature similarly resulted in a dark
brown dispersion (GOn/PEG), as no reducing conditions were present. During thermal reduction of
GOn, in absence of PEG, the dispersion progressively changed its color, evidencing the formation of a
black precipitate (rGOn). In opposition, non-covalent functionalization of rGOn with PEG (rGOn-PEG)
during thermal reduction resulted in a stable aqueous dispersion.
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Figure 1. Images of as-prepared GBM dispersions (500 µg mL−1) in glass vials for stability evaluation.
From left to right: GOn dispersion; GOn/PEG (GOn mixed with PEG without thermal treatment);
rGOn dispersion (after thermal treatment without PEG functionalization); rGOn-PEG (simultaneously
reduced and non-covalently PEGylated).

The morphology of GBM nanosheets was studied using transmission electron microscopy (TEM).
Figure 2A shows TEM images of few-hundred-nanometer GOn and rGOn-PEG nanosheets. TEM results
are in agreement with previously observed good aqueous dispersibility of GOn and rGOn-PEG, as no
agglomerates were observed. Lateral dimensions were determined from TEM image analysis and
frequency distribution histograms are shown in Figure 2B. GOn nanosheets were obtained with
an average size of 287 nm (minimum and maximum values of 99 nm and 848 nm, respectively,
Figure 2A,B). A larger size distribution was observed for rGOn-PEG, which exhibited an average
size of 521 nm (minimum and maximum values of 162 nm and 2028 nm, respectively, Figure 2A,B).
Similarly, particle size determinations by DLS revealed that GOn nanosheets were constituted by
considerably smaller particle sizes than rGOn-PEG (Figure 2C, Figure S1). Figure S1 presents the
volume distribution of GOn and rGOn-PEG particle size, whereas Figure 2C corresponds to box plot
representations of the same results. For GOn, there were two subpopulations with peaks averaging
around 93 nm and 195 nm (Figure S1). From both peaks, the determined average for GOn in general
was of 135 nm, while the median was of 120 nm (Figure 2C). The minimum particle size was of
48 nm and the maximum size of 284 nm (Figure 2C, Figure S1). For rGOn-PEG, there were four
subpopulations with peaks average at around 64 nm, 214 nm, 545 nm, and 2423 nm (Figure S1).
From these peaks, the average was determined to be of 928 nm, while the median value corresponded
to 413 nm (Figure 2C). The minimum particle size for rGOn-PEG was of 40 nm, whereas the maximum
size was of 3206 nm (Figure 2C, Figure S1).
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functionalities on the surface of GOn, as well as its reduction and functionalization into rGOn-PEG 
(Figure 3). FTIR spectroscopy revealed a broad band in the wavenumber range of 3000 cm−1 and 3600 
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Figure 2. Morphological properties of GOn and rGOn-PEG. (A) Representative TEM images of GOn
(left) and rGOn-PEG (right) aqueous dispersions and (B) respective distribution of particle size and
mean and standard deviation, as determined from TEM images. Scale bar, 200 nm. (C) Box plot of
particle size distributions in volume percentage of GOn and rGOn-PEG dispersed in water at an initial
concentration of 250 µg mL−1 and determined by light scattering using a Coulter counter.

Both GOn and rGOn-PEG exhibited comparable colloidal stability in aqueous dispersions,
according to zeta (ζ)-potential measurements (Table 1). GOn displayed a greater negative surface charge
(−25.1 ± 0.8 mV) than rGOn-PEG (−10.2 ± 0.3 mV). This suggests the existence of positive amino-ended
branches, resulting in a reduced negative electrostatic charge for non-covalently PEGylated rGOn
when compared with GOn [33].

Table 1. Surface charge of GOn and rGOn-PEG aqueous dispersions at an initial concentration of
50 µg mL−1 and pH 7.4 (n = 3)

GBM Surface Charge (mV)

GOn −25.1 ± 0.8
rGOn-PEG −10.2 ± 0.3

3.2. Chemical Characterization of GOn and rGOn-PEG Nanosheets

Fourier transform infrared (FTIR) spectra were obtained to confirm the presence of oxygen
functionalities on the surface of GOn, as well as its reduction and functionalization into rGOn-PEG
(Figure 3). FTIR spectroscopy revealed a broad band in the wavenumber range of 3000 cm−1 and
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3600 cm−1 for GOn, corresponding to O−H stretching vibrations, which are attributed to adsorbed water
molecules, hydroxyl, and carboxyl groups [39]. A sharp peak at around 1725 cm−1, which is assigned
to C=O stretching vibrations, demonstrated the presence of carbonyl and carboxyl groups [30,39].
An absorption band at ≈1616 cm−1 appears owing to the stretching of cyclic alkene (C=C) from
unoxidized graphitic domain [30,40,41]. Additionally, the presence of ethers is evidenced by the
appearance of strong absorption bands at around 1160 cm−1 and 1040 cm−1, which are assigned
to C−O stretching vibrations, and through epoxides exhibiting C−O bending vibrations at around
878 cm−1 [39].
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Figure 3. FTIR spectra of GOn and rGOn-PEG. Infrared spectra of GOn (black line) and rGOn-PEG
(grey line) describe the contribution of several surface functionalities.

The reduction of GOn was demonstrated in FTIR spectra by a decrease on the intensity of peaks
corresponding to the oxygen containing functionalities [41], as compared to the intensities of the
peaks of graphene oxide (Figure 3). An absorption band at ≈1590 cm−1 appears, which is assigned
to C=C stretching vibrations, supporting the restoration of π−π structure of the graphitic domain
upon reduction. One significant feature from rGOn-PEG IR spectrum is the presence of a strong
absorption band at 2876 cm−1 and another peak at 1395 cm−1. These two bands can be assigned to
C−H vibrations, attributed to –CH2– or –C–H groups, strongly supporting the adsorption of PEG
molecules onto rGOn-PEG [33]. Additionally, the vibrational C−O stretching at 1248 cm−1 corresponds
to primary alcohols from PEG molecules. The absorption band at 1055 cm−1 could be attributed to
C−O−C stretching, which is assigned to ether groups of PEG [33].

Thermogravimetric analysis (TGA) was used to analyze the functionalization degree and thermal
stability of GOn and rGOn-PEG. Thermograms for GOn and rGOn-PEG are shown in Figure 4,
displaying the weight loss during the heating. The data reveals two main weight loss steps at
temperatures above 100 ◦C for the two materials. The first weight loss occurred between 145 ◦C
and 225 ◦C for GOn, and between 170 ◦C and 370 ◦C for rGOn-PEG. Thermal decomposition during
this first step was quantified. It corresponds to the loss of oxygen-containing functional groups,
namely carboxyl and epoxy [39]. rGOn-PEG exhibited a lower weight loss when compared with
GOn (15.1% and 43.5%, respectively), which suggests fewer oxygen-containing groups are present
following reduction and PEGylation [42]. The second weight loss occurred between 225 ◦C and
630 ◦C for GOn and 370 ◦C and 425 ◦C for rGOn-PEG. In the case of GOn, the weight loss (14.3%)
corresponds to the combustion of carbon skeleton and more stable functionalities like carbonyls and
residual hydroxyls [43]. The rGOn-PEG substantial weight loss (56.1%) at 425 ◦C is attributed to the
presence of PEG, as at this step pyrolysis of its ether groups occurs [42]. The total percentage weight
loss was of 57.8% for GOn and 71.2% for rGOn-PEG. TGA was also performed for non-PEGylated
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thermally reduced rGOn (Figure S2), which suggests that PEGylation increased the extent of thermal
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Figure 4. Thermal decomposition of GOn and rGOn-PEG. TGA curves and weight loss values for GOn
(black line) and rGOn-PEG (grey line).

X-ray photoelectron spectroscopy (XPS) analyses were performed to characterize the oxidation
degree and chemical functional groups at the surface of GOn and rGOn-PEG (Figure 5).

GOn presented a C at % of 62.1 and a O at % of 32.0 (Figure S3), which demonstrates a successful
oxidation and introduction of oxygen functionalities at its surface. Analysis of C1s spectra of GOn
revealed two large peaks, which could be further deconvoluted in five peaks (Figure 5A,B). The first
binding energy value was attributed to C−C and C=C (284.5 eV, C1s at % = 45.5) due to the formation
of sp2 and sp3 hybridizations of carbon in the graphitic backbone. Single bonds of carbon and oxygen
(C−O) in hydroxyls are responsible for the second binding energy value (286.7 eV, C1s at % = 44.9).
This is the most prevalent carbon bond with oxygen. Carbonyl groups are also present in the form
of double bonds between carbon and oxygen (C=O, 287.5 eV, C1s at % = 4.2%). The occurrence of
carboxyls is responsible for the multiple bonds between carbon and oxygen (O=C−O, 288.5 eV, C1s at
% = 4.5). Finally, it is possible to observe the π–π* bond due to the presence of delocalized π electrons
in the graphene lattice (290.7 eV, C1s at % = 0.93) [39,44].

Regarding the analysis of O1s spectra of GOn, one peak was observed, which could be deconvoluted
in three peaks (Figure 5A,C). The first binding energy value was attributed to C=O due to carbonyl
groups (531 eV, O1s at % = 3.1), C−O bonds from hydroxyls are responsible for the second binding
energy (532.3 eV, O1s at % = 92.4) and the third peak can be attributed to carboxyls (O=C−O) (533.3 eV,
O1s at % = 4.5) [39,45]. The relative abundance of chemical bonds found in both C1s and O1s spectra
are in accordance and the analysis of the deconvoluted spectra showed that GOn was well oxidized
due to the presence of carbon atoms in functional groups (hydroxyl, carbonyl, and carboxyl) with C−O
bonds dominating the surface chemistry (Figure 5A).
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3.3. Optical Properties and Photothermal Effect 

To assess the potential of the developed materials to be used for photothermal therapy, namely 
in terms of NIR absorption capacity, the optical properties of both GOn and rGOn-PEG were 
determined by UV/vis spectroscopy (Figure 6A). Absorbance measurements showed an absorbance 
peak at λmax = 230 nm for GOn, which is assigned to π–π* electronic transitions in sp2 clusters, and a 
shoulder peak at 300 nm, which is attributed to n–π* transitions of free electron pairs in oxygen atoms 
in C=O bonds from carbonyl and carboxyl groups [39]. A red shift of λmax to 263 nm was observed for 
rGOn-PEG. Additionally, rGOn-PEG exhibited ≈13-fold increment over GOn in NIR absorbance (at 
810 nm, Figure 6A inset). These results also support that thermal reduction and non-covalent 
PEGylation strongly reduced GOn. 

To further investigate the ability of these nanomaterials to convert NIR light energy into thermal 
energy, heat generation upon NIR irradiation was evaluated for rGOn-PEG, GOn and water only as 
control. As seen in Figure 6B, upon 30 min of NIR irradiation, GOn remained at 34 °C, comparable to 
water. rGOn-PEG displayed concentration-dependent photothermal heating (Figure 6C). In 

Figure 5. XPS analysis of GOn and rGOn-PEG. (A) Atomic composition of GOn and content of C 1s and
O 1s chemical functional groups resulting from spectra fitting; (B,C) Deconvolution of high-resolution
(B) C 1s and (C) O 1s XPS spectra for GOn. (D) Atomic composition of rGOn-PEG and content of C 1s
and O 1s chemical groups resulting from spectra fitting; (E,F) Deconvolution of high-resolution (E) C 1s
and (F) O 1s XPS spectra for rGOn-PEG.

rGOn-PEG presented a C at % of 63.5%, an O at % of 15.9%, and a N at % of 20.6% (Figure S3).
These results demonstrated a decrease of the oxygen content comparing with GOn and the presence
of N, resulting from the amine-terminated groups from PEG-NH2. Analysis of C1s and O1s
spectra was also performed (Figure 5D–F). Similarly to GOn, C1s spectra was deconvoluted in
five peaks. However, different relative abundances in oxygen containing functionalities were found
(Figure 5E). The C−C and C=C bond (284.6 eV) continued to largely exist, accounting for 46.1% of
carbon bonds (Figure 5D,E). C−O bond (286.4 eV), the most abundant oxygen functionality in GOn,
decreased significantly to 16.9% after chemical modification into rGOn-PEG (Figure 5D). The impact of
reduction on surface chemistry was also shown by a large increase of C=O bond (287.2 eV) to 18.4% and
through the development of a strong peak of O=C−O bond (288.8 eV) with 17.3% of the carbon bonds
in rGOn-PEG. In terms of π–π* bond (290 eV), the results indicate a possible restoration of aromatic
structure in rGOn-PEG with an increase from 0.9% in GOn to 1.4% in rGOn-PEG [46,47]. In the case of
O1s spectra, it was deconvoluted in three peaks (Figure 5F). An increase of C=O (533 eV, O1s at % = 6.2)
and O=C−O bonds (530.5 eV, O1s at % =17.4) was observed, while there was a decrease on the content
of C−O bonds (531.5 eV, O1s at % =76.4). These results corroborate those obtained for the C1s spectra.
Also, C/O ratio for GOn and rGOn-PEG was of 1.9 and 4, respectively, indicating that rGOn-PEG was
successfully reduced. XPS spectra were also obtained for non-PEGylated thermally reduced rGOn
(Figure S4), showing a lower extent of reduction in comparison to rGOn-PEG. Successful PEG-NH2

surface adsorption in rGOn-PEG was confirmed by the presence of a N at % of 20.62 (deconvoluted
N1s spectra, Figure S5).

194



Polymers 2020, 12, 1840

3.3. Optical Properties and Photothermal Effect

To assess the potential of the developed materials to be used for photothermal therapy, namely in
terms of NIR absorption capacity, the optical properties of both GOn and rGOn-PEG were determined
by UV/vis spectroscopy (Figure 6A). Absorbance measurements showed an absorbance peak at
λmax = 230 nm for GOn, which is assigned to π–π* electronic transitions in sp2 clusters, and a shoulder
peak at 300 nm, which is attributed to n–π* transitions of free electron pairs in oxygen atoms in
C=O bonds from carbonyl and carboxyl groups [39]. A red shift of λmax to 263 nm was observed
for rGOn-PEG. Additionally, rGOn-PEG exhibited ≈13-fold increment over GOn in NIR absorbance
(at 810 nm, Figure 6A inset). These results also support that thermal reduction and non-covalent
PEGylation strongly reduced GOn.
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3.4. In Vitro Biocompatibility of GBM Dispersions 

To evaluate the biological effect of GOn and rGOn-PEG alone, A-431 cells were used as in vitro 
model of human skin carcinoma (Figure 7A). Firstly, the dispersibility of GOn and rGOn-PEG in 
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viability, as compared to controls (Figure 7C). Nonetheless, a tendency for a reduction in cell viability 
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both GOn and rGOn-PEG do not induce harmful effects on A-431 cells at the concentrations tested, 
but PEGylation might improve in vitro biocompatibility of these 2D nanomaterials. 

Figure 6. NIR absorption capacity of GBM. (A) UV/vis absorption curves of GOn and rGOn-PEG.
The inset shows a zoom-in view of the curves in the NIR range from 750 nm to 850 nm. (B) Photothermal
heating curves of water (dashed line, blue), and GOn (black) and rGOn-PEG (grey) aqueous dispersions
at a concentration of 250 µg mL−1 in water. (C) Concentration-dependent effect on photothermal
heating curves for rGOn-PEG.

To further investigate the ability of these nanomaterials to convert NIR light energy into thermal
energy, heat generation upon NIR irradiation was evaluated for rGOn-PEG, GOn and water only as
control. As seen in Figure 6B, upon 30 min of NIR irradiation, GOn remained at 34 ◦C, comparable to
water. rGOn-PEG displayed concentration-dependent photothermal heating (Figure 6C). In comparison
with GOn, aqueous solutions containing 250 µg mL−1 of rGOn-PEG showed a higher temperature
increase (≈42 ◦C and ≈47 ◦C, after 10 and 30 min of NIR irradiation, respectively).

3.4. In Vitro Biocompatibility of GBM Dispersions

To evaluate the biological effect of GOn and rGOn-PEG alone, A-431 cells were used as in vitro
model of human skin carcinoma (Figure 7A). Firstly, the dispersibility of GOn and rGOn-PEG in
different physiological solutions (PBS, FBS, and complete culture medium) was macroscopically
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monitored and no precipitates were observed in any of the dispersions up to the highest concentration
tested (250 µg mL−1, Figure 7B). Then, cells were incubated with increasing concentrations of developed
GBM for 24 h followed by cell viability assessment through resazurin assay (Figure 7A). As control,
A-431 cells were cultured in the absence of any material. Increasing concentrations of GOn and
rGOn-PEG (25, 50, 100, 125, 150, and 250 µg mL−1) did not affect cell viability, as compared to
controls (Figure 7C). Nonetheless, a tendency for a reduction in cell viability was observed for higher
concentrations of GOn (150 and 250 µg mL−1, p < 0.05). In opposition, rGOn-PEG elicited viability
levels above those of control condition. Altogether, these results showed that both GOn and rGOn-PEG
do not induce harmful effects on A-431 cells at the concentrations tested, but PEGylation might improve
in vitro biocompatibility of these 2D nanomaterials.Polymers 2020, 12, x FOR PEER REVIEW 12 of 19 
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Figure 7. GBM biocompatibility. (A) Experimental set-up. One day (24 h) after seeding, human skin
carcinoma cells (A-431) were treated with different concentrations of GOn and rGOn-PEG and incubated
for an additional 24-h period, prior to resazurin assay. (B) GOn and rGOn-PEG (250 µg mL−1) in
water and physiological solutions. (C) Cellular viability determined using resazurin assay. Results are
normalized with respect to values of the control without GBM. Statistically significant differences are
shown as * p < 0.05, *** p < 0.001, **** p < 0.0001. Dashed line represents 100% cell viability of the
control without GBM.

3.5. In Vitro Photothermal Effect of rGOn-PEG

To determine the cytotoxicity of GOn and rGOn-PEG under NIR irradiation, A-431 cells were
incubated with GBM dispersions as described above and then irradiated with a 810 nm LED source for
30 min, followed by cell viability assay (Figure 8A). Increasing concentrations of rGOn-PEG induced
a significant decrease in cell viability upon NIR irradiation. Particularly, A-431 cells incubated with
> 100 µg mL−1 of rGOn-PEG showed significantly lower values in the resazurin assay, in comparison to
their non-irradiated counterparts (p < 0.0001, Figure 8B,C). Indeed, irradiation of A-431 cells incubated
with 250 µg mL−1 of rGOn-PEG induced an approximate 38% decrease of cell viability (p < 0.05,
Figure 8D). These results suggest a potential PTT effect of rGOn-PEG upon low-power (150 mW cm−2)
NIR irradiation. As control, no PTT effect was observed for cells incubated with 250 µg mL−1 of GOn
upon NIR irradiation (Figure 8D).
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Figure 8. NIR irradiation and in vitro photothermal effect. (A) Experimental set-up. One day (24 h)
after seeding, human skin carcinoma cells (A-431) were treated with different concentrations of GOn
and rGOn-PEG and incubated for an additional 24-h period, prior to NIR irradiation for 30 min and
resazurin assay. (B) Cellular viability determined using resazurin assay. Results are shown as relative
fluorescence units (RFU). Statistically significant differences are shown as ****, p < 0.0001, ϕ, p < 0.0001
in comparison to LED off condition. (C) Cellular viability without NIR irradiation in the presence of
250 µg mL−1 of GOn or rGO-PEG. Results are normalized with respect to values of the control without
GBM (D) Cellular viability upon NIR irradiation in the presence of 250 µg mL−1 of GOn or rGOn-PEG.
Results are normalized with respect to values of the control without GBM. Statistically significant
differences are shown as *, p < 0.05.

4. Discussion

Graphene-based materials have been increasingly investigated for applications in nanomedicine,
particularly as PTT platforms to improve the efficacy of cancer treatment strategies. The 2D nanomaterial
graphene oxide is commonly obtained from graphite by exfoliation methods, like the modified
Hummer’s method used here and in our previous work [27]. The exfoliation process results in
the introduction of several oxygen functionalities and consequent loss of structural, thermal, and
electrical properties [24,28]. In order to restore some of the properties of pristine graphene, over the
years different reduction methods have been explored to produce reduced graphene oxide (rGO),
including chemical, thermal, and electrochemical reduction pathways [24]. However, the reduction of
oxygen functional groups at the surface of GO leads to the formation of unstable colloidal dispersions
in aqueous solutions, limiting their potential for biomedical applications and requiring further chemical
functionalization toward improving water solubility [25]. Covalent and non-covalent functionalization
of GO and rGO with biocompatible polymers like PEG has been widely reported [25,30,31,33,48],
using different methods and polymer characteristics (molecular weight, chemistry, etc.). Single step
reduction and PEGylation of graphene oxide has been previously described by Chen et al. using a
water bath at 90 ◦C for 24 h and methoxypolyethylene glycol amine (mPEG-NH2, Mn = 5 kDa) [37].
The authors reported improved water stability of the PEGylated reduced graphene oxide and increased
release of resveratrol upon irradiation using a high power 808 nm laser. Following this protocol,
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we used polyethylene glycol bis(amine) to prepare PEGylated reduced graphene oxide with small sizes
for low power NIR-light triggered PTT applications, using cheaper, smaller, and safer LEDs. For this
purpose, nano-sized GO (GOn) was obtained by ultrasonication of GO, rendering nanoplatelets with
average lateral dimensions below 300 nm. As previously demonstrated, the sonication step has a strong
impact on the size of GO flakes, without considerably changing other physicochemical properties [39].
Purified GOn dispersions with controlled lateral dimensions were then reduced and non-covalently
functionalized with PEG to attain stable aqueous dispersions with high NIR absorption capacity.
The chemical signature of obtained rGOn-PEG colloidal dispersions was carefully investigated through
multiple complementary techniques to assess the impact of one-step reduction and PEGylation on the
physicochemical properties of graphene oxide.

Upon chemical modification, a significant increase in lateral dimensions from ≈287 nm to ≈521 nm,
was found, suggesting the attachment of PEG molecules to GOn. Such an increase in size after
PEGylation has been reported by others [33,49]. Smaller sizes have been reported by introducing a
sonication step during PEG conjugation reaction [25]. It is relevant to notice that nano-sized particles
have been reported to result in improved skin permeation and skin retention, improving treatment
outcomes of inflammatory skin diseases [35,36].

The introduction of oxygen functionalities on the surface of GOn, as well as the reduction and
non-covalent functionalization of rGOn-PEG were confirmed by FTIR, TGA, and XPS. In comparison
with GOn, rGOn-PEG exhibited lower oxygen content given that the majority of oxygen-containing
functionalities (carboxyl, hydroxyl, and ketone groups) were removed during the reduction process.
Chen and colleagues have previously reported that covalent PEGylation of GOn preserved the aromatic
structure of GOn and that a similar green reduction protocol (24 h at 90 ◦C in a water bath) was able to
recover the aromatic structure on rGO-PEG by repairing defects caused during the removal of oxygen
moieties from GOn [32]. Additionally, comparing with rGO, simultaneous functionalization with PEG
was demonstrated, not only to improve water solubility, but also to increase the extent of the reduction
reaction, as confirmed by complementary techniques (TGA and XPS). Other studies have also attributed
a role to PEG in strengthening the reduction extent of GOn [32,37]. Indeed, amine groups, which can
be oxidized to nitrite, have been reported to exhibit mild reductive ability, being employed as reducing
reagents in the preparation of rGO [29]. Similarly to PEG-NH2, gelatin has numerous amine groups
in its backbone and has been reported to act as a reducing agent in the production of stable reduced
graphene oxide nanosheets under mild heating conditions [29,50]. In these cases, gelatin formed
covalent bonding with rGO through its amine groups. The chemical reactivity of graphene oxide
toward amines has been explained by different routes in the literature. Particularly, different types of
amine can react with GO functional groups via amidation reaction of carboxylic acid groups at the
edges of GO or through ring-opening of epoxides on the surface of GO [50–52]. Hydrogen bonding
between amines and hydroxyls of GO is another possibility [32,53]. Nonetheless, given the complex
structure of graphene-based materials, the nature of such chemical reactions is still far from being
fully understood.

According to TGA measurements, the ratio of grafted PEG was estimated to be 56.1%, supporting
the efficiency of single step reduction and PEGylation. Previous reports on rGOn-PEG prepared
through a similar method does not provide quantitative data regarding the chemical modification
of the material [37], but other non-covalent methods have shown around 78% modification through
PEGylation of previously reduced GO [33]. It is worth noting that such non-covalent functionalization
methods rely on polymer physisorption onto graphene basal planes via π–π stacking and van der
Waals interactions and few examples of covalent functionalization of rGO exist owing to the removal
of the majority of reactive functional groups upon reduction [24]. Notwithstanding, non-covalent
functionalization methods exhibit strong advantages over covalent functionalization, including
the preservation of extended π conjugation and the aromatic structure of GOn, whereas covalent
modification creates sp3 defects on the graphene ring [54].
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PEGylation was successful in terms of overcoming the hydrophobicity associated to rGO and
rendering a nanomaterial that is stable in different physiological media (PBS, FBS, and culture medium).
Herein, we demonstrated that rGOn-PEG had largely restored its aromatic structure showing strongly
enhanced absorbance in the NIR region (≈13-fold increase, in comparison to GOn) and light-to-heat
energy conversion capacity upon NIR irradiation, comparable to the material previously obtained using
a similar protocol with a different PEG [37]. On the other hand, other studies reported approximately 6-
to 8-fold increment in NIR absorption by rGOn-PEG produced through covalent PEGylation followed
by thermal reduction [32,49]. Several studies have shown a very rapid heating of graphene-based
nanomaterials using more powerful irradiation systems (>3 W cm−2, compared to 150 mW cm−2 used
herein) and reporting heating up to 60–70 ◦C [32,37,55,56]. Such high temperatures are above those
needed for tumor ablation treatments (> 50 ◦C) [7], and are also likely to induce damage in healthy
cells of surrounding tissues, particularly considering the small sizes of superficial non-melanoma
skin cancers, such as basal cell carcinoma (≈20 mm in size). For instance, protein-functionalized
rGO nanosheets (40 µg mL−1) and polyethylenimine-PEG-rGO (8 µg mL−1) induced a reduction
of 35% in cell viability without irradiation [55,57]. Herein, we demonstrated that both GOn and
rGOn-PEG alone and below 250 µg mL−1 were noncyotoxic to A-431 epidermoid carcinoma cells.
PEGylation is an effective chemical functionalization commonly used to improve the biocompatibility
of nanomaterials [25,30,34]. Although a tendency for a decrease in cell viability was observed with
increasing concentrations of unmodified GOn, the same was not observed for rGOn-PEG, for which
concentrations > 100 µg mL−1 resulted in higher fluorescence measurements using resazurin assay,
in comparison to control. This result supports the use of biocompatible polymers as PEG to enhance
the biological effects of developed nanomaterials.

To further determine the in vitro photothermal effect of rGOn-PEG, we irradiated A-431 cells in
the presence of prepared GBM using low power (150 mW cm−2) NIR LEDs. Consistently with
other studies [32,49,58], NIR irradiation alone was not sufficient to induce cell death, but the
combination of rGOn-PEG with NIR irradiation resulted in ≈38% decrease of cell viability after
a single treatment during 30 min. As described above, rGOn-PEG temperature increased up to 47 ◦C
upon NIR irradiation, which falls within the hyperthermia range of temperatures (41–50 ◦C) [6,7].
Hyperthermia triggers apoptotic pathways, interfering with normal cell functions, possibly leading
to enhanced membrane permeability, metabolic signaling disruption, dysfunctional membrane
transport, and activation of heat shock proteins, among other cellular and molecular changes [7,59,60].
Nonetheless, the effects of hyperthermia, and particularly their combination with graphene-based
nanomaterials, are still far from being fully understood. To the best of our knowledge, our study
is the first to report the effect of reduced graphene oxide on epidermoid carcinoma cells, which are
commonly used as in vitro models of non-melanoma skin cancer. The effect of nanocomposites of
gold nanorod-assembled PEGylated graphene oxide has been reported to result in similar levels of
cytotoxicity (≈40% decrease in cell viability) upon irradiation with high power (60 W cm−2) Xe-lamp
light [58]. Others have shown that comparable PEGylated graphene-based nanomaterials elicited ≈80%
cell viability decrease using 4T1 breast cancer cell line [37]; and up to ≈90% decrease of the viability of
A549 adenocarcinomic human alveolar basal epithelial cells using covalent chemical functionalization
methods [32]. Notwithstanding, major differences in the irradiation time and power of the light source
limit the comparison between studies.

5. Conclusions

In this work, we characterized the impact of a single step thermal reduction and PEGylation
process on the physicochemical properties of graphene oxide using multiple complementary techniques.
Chemical modification with PEG not only resulted in improved water dispersibility of reduced graphene
oxide, but also contributed to enhance the extent of the thermal reduction reaction. PEGylation yielded
single-layer rGOn-PEG sheets with average nano-sized lateral dimensions of ≈521 nm. The single step
process resulted in the restoration of the aromatic structure of graphene, evidenced by the appearance
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of C=C bonds in rGOn-PEG infrared spectrum, increased C/O ratio, and changes in the optical
properties through a red shift of λmax. The obtained rGOn-PEG exhibited a ≈13-fold increase in NIR
absorbance and reached 42 ◦C after 10 min of NIR LED irradiation, exhibiting a continuous heating
up to 47 ◦C after 30 min, whereas unmodified GOn remained at 34 ◦C even under NIR irradiation.
Temperatures registered for rGOn-PEG were within the hyperthermia range. PEGylation of rGOn
resulted in improved in vitro biocompatibility, compared to unmodified GOn, which seemed to induce
a reduction of A-431 cell viability for concentrations above 150 µg mL−1. Combining NIR irradiation
with rGOn-PEG in concentrations above 100 µg.mL−1 resulted in a cytotoxic effect. After a single
irradiation with a low power NIR LED system, a 38% decrease of cell viability was found, showing the
in vitro photothermal effect of rGOn-PEG.

Altogether, our results further support the use of a simple and facile method to obtain functionalized
rGOn as a promising photoabsorbing agent for PTT applications in non-melanoma skin cancer treatment.
The combination of this functionalized nanomaterial with NIR irradiation using a safer LED-based
NIR light source opens new possibilities toward exploring lower power and cheaper systems for mild
hyperthermia cancer therapy, enabling better control over nanomaterial heating.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/12/8/1840/s1.
Figure S1. Volume distribution of particle size of GOn and rGOn-PEG dispersed in water at an initial concentration
of 250 µg mL-1 and determined by light scattering using a Coulter counter. A boxplot, which is a standardized
way of displaying the dataset based on a five-number summary (the minimum, the maximum, the sample median,
and the first and third quartiles) is presented in Figure 2C. Figure S2. TGA curve of rGOn and weight loss.
Figure S3. XPS survey spectra and atomic composition for (A) GOn and (B) rGOn-PEG. Figure S4. Surface chemical
properties of rGOn. (A) Atomic composition of rGOn and content of C 1s and O 1s chemical groups resulting
from spectra fitting; (B, C) Deconvolution of high-resolution (B) C 1s and (C) O 1s XPS spectra. Figure S5.
Quantification of functionalization of rGOn-PEG. (A) Content of N 1s chemical groups resulting from spectra
fitting; (B) Deconvolution of high-resolution N 1s XPS spectra.
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