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Preface to “Structure and Properties of Aluminium

Alloys”

Structure and properties of aluminium alloys. https://www.mdpi.com/journal/metals/

special issues/structure properties aluminium alloys

The annual world production of aluminum and aluminum alloys has been increasing in recent 
decades, reaching more than 70 million tons in 2020. The future of this industry is bright, as the 
applications of Al and its alloys have strongly diversified in a utomotive, a erospace, b uilding, and 
other industries. Aluminum’s main property is its low density, and, more importantly, very high 
specific properties compared to other metallic and nonmetallic materials. The properties of aluminum 
alloys can contribute to a significant decrease in energy consumption and CO2 emissions, especially 
in transportation. The main prerequisite for the future success of aluminum and its alloys is further 
improvements in existing alloys, and the development of novel aluminum alloys. In addition to 
conventional fabrication methods (casting, forming, powder metallurgy), additive manufacturing 
technologies enable further tailoring of alloys’ microstructure and new combinations of properties. 
The properties of aluminum alloys are mainly based on their structure, from the atomic scale to 
the macrostructure, as seen by the naked eye. This book focuses on the relationships between the 
manufacturing, structure and properties of aluminum alloys. The papers presented give an account 
of the scientific and technological state-of-the-art of aluminum alloys in 2020.

Franc Zupanič

Editor
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Abstract: In this work, we investigated a novel Al-Mg-Si alloy, which was developed from an AA
6082, in order to considerably improve the yield and tensile strengths whilst retain excellent ductility.
The new alloy possesses a higher content of Si than specified by AA 6082, and, in addition, it contains
copper and zirconium. The alloy was characterized in the as-cast condition, after homogeniza-
tion, extrusion, and T6 heat treatment using light microscopy, scanning and transmission electron
microscopy with energy dispersive spectrometry, X-ray diffraction, differential thermal analysis
and tensile testing. After T6 temper, tensile strengths were around 490 MPa with more than 10%
elongation at fracture. The microstructure consisted of small-grained Al-rich matrix with α-AlMnSi
and Al3Zr dispersoids, and Q′-AlCuMgSi and β-Mg2Si-type precipitates.

Keywords: aluminium; ageing; microstructure; tensile strength

1. Introduction

The manufacturing of green vehicles, characterized by lower fuel consumptions and
CO2 emissions, is a must for the automotive industry. This can be achieved through a
reduction of the vehicle weight by replacing heavier steel parts with lighter, high-strength
and, at the same time, ductile aluminium alloys. Al-Mg-Si alloys (series 6xxx), in particular,
can be used [1]. Some of them are used for parts that require excellent crash performance [2].
There are also attempts to improve the mechanical properties of Al-Si-Mg alloys [3–5].
Table 1 gives tensile properties of some Al-alloys, which shows that the required properties
of AA 6610A are highest among Al-Mg-Si alloys.

Table 1. The required mechanical properties of 6xxx alloys in T6 temper according to EN 755-2
standard.

Alloy Rp0.2/MPa Rm/MPa A/%

AA 6082 min. 260 min. 310 min. 8
AA 6182 min. 330 min. 360 min. 9

AA 6110A min. 380 min. 410 min. 10

Al-Mg-Si alloys are typical precipitation hardening alloys. The strengthening effect in
Al-Mg-Si alloys is achieved through β′ and β” precipitates [6–8]. These precipitates are
metastable variants of the equilibrium Mg2Si phase. They turn to Mg2Si when the alloy
is held prolonged at higher temperatures (between the ageing and solvus temperatures).
One obtains a combination of 6xxx and 2xxx alloy by the addition of copper to Al-Mn-Si.
In these alloys, the phase Q-AlCuMgSi dominates but not Θ-Al2Cu that is predominant in
2xxx alloys. During ageing, Q′ precipitates are formed in the α-Al, which strengthen the
matrix in addition to β” precipitates [9–11].

Zirconium can decrease the size of crystal grains during solidification. However,
zirconium in the alloy can reduce the efficiency of Al-Ti-B grain refiners due to the poisoning

Metals 2021, 11, 368. https://doi.org/10.3390/met11020368 https://www.mdpi.com/journal/metals
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of TiB2 and Al3Ti heterogeneous nucleation sites [12]. It is essential that zirconium form
Al3Zr dispersoids at higher temperatures [13–16]. These dispersoids considerably decrease
the tendency to crystal growth during heat treatment and hot plastic deformation. In this
way, zirconium contributes to strengthening of the alloys by dispersion hardening and
hardening by grain boundaries. Namely, the latter hardening is essential when the crystal
grains are fine [17,18].

This study’s main aim was to produce a new high-strength Al-Mg-Si alloy under
industrial conditions (semi-continuous casting, homogenization, extrusion and T6 tem-
per), to determine its microstructure after each step of the manufacturing process and its
tensile properties.

2. Materials and Methods

The alloy AA 6086 [19] was developed from the AA 6082. The main differences are in
the contents of Si, Cu and Zr. The AA 6082 contains 0.7–1.3 wt.% Si, while the AA 6086
contains 1.3–1.7 wt.% Si. The higher silicon content can contribute to a higher fraction of
Mg2Si-based precipitates in the microstructure. The increase in Cu-content from 0.1 to
0.8 wt.% Cu (0–0.1 wt.% Cu in AA 6082) can provoke Cu-rich precipitates’ formation, which
can further increase the precipitation hardening effect. The addition of Zr in the range from
0.15–0.25 wt.% Zr can promote the formation of Al3Zr dispersoids, which can reduce grain
growth during homogenization and solution treatment and increase grain strengthening.
One of the possible primary applications of this alloy is to produce automobile steering tie
rods, which require high-strength and ductility.

The 20 t charge of the alloy was prepared in an induction furnace (Otto Junker GmbH,
Simmerath-Lammersdorf, Germany) at a temperature of 760 ◦C. The zirconium was added
with the master alloy AlZr10. The melt was poured into a holding furnace (Otto Junker
GmbH, Simmerath-Lammersdorf, Germany) for 90 min at temperatures between 730 in
740 ◦C. The billets with a diameter of 282 mm were semi-continuously cast using the
AirSlip Casting Technology (Wagstaff Inc, Spokane Valley, WA 99216 USA). AlTi5B1 grain
refiner was added during casting. The chemical composition of the alloy is given in
Table 2. The billets were homogenized at 530 ◦C for 5 h and then extruded on 55 MN direct
extrusion press (GIA Clecim Press, Albacete, Spain) into bars with a diameter of 57 mm.
The extrusion rate was 7 m/min and extrusion ratio 4.95. After extrusion, the bars were
solution treated at 530 ◦C for 2 h and then artificially aged at 180 ◦C for 8 h (T6 temper).

Table 2. The chemical composition of the alloy AA 6086 in wt.%. as determined by ICP-OES (Thermo
ARL 4460 Optical Emission Spectrometer, ThermoFisher Scientific, Waltham, MA, USA).

Alloy Al Si Fe Cu Mn Mg Cr Zn Ti Zr

AA 6082 Remain 0.92 0.26 0.07 0.56 0.70 0.14 0.03 0.02 0.01
AA 6086 Remain 1.58 0.18 0.55 0.71 1.01 0.19 0.17 0.04 0.17

The differential thermal analysis (DTA) was carried out using Mettler Toledo 851
(Mettler Toledo, Columbus, Ohio 43240, USA). A sample was heated and cooled at a rate of
10 ◦C/min. The samples in the as-cast condition were examined metallographically using a
light microscope Nikon EPIPHOT 300 (Tokyo, Japan), and a scanning electron microscopes
(SEM) Sirion 400 NC (FEI, Eindhoven, Netherlands). In SEM, we also carried out micro-
chemical analysis using energy dispersive spectroscopy—EDS (Oxford Analytical, Bicester,
UK). Samples for grain analysis were prepared on Struers Lectropol (Struers, Ballerup,
Denmark) using Barker’s etchant (50 mL HBF4 (48%) + 950 mL H2O at 25 V for 90 s). The
analysis was performed under the 50× magnification according to a standard ASTM E112-
intercept method. X-ray diffraction was done at synchrotron Elettra (Trieste, Italy), using
X-rays with a wavelength of 0.099996 nm. Thermo-Calc software (Thermo-Calc software
AB, Solna, Sweden) and database TCAL5 were used to simulate solidification according to
the Scheil model [20] and calculate equilibrium phases as a function of temperature.
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Lamellae for transmission electron microscopy (TEM) were prepared using a focused
ion beam (FIB by FEI, Helios) for the as-cast and heat-treated specimens. High-resolution
TEM (HRTEM), and energy-dispersive X-ray spectroscopy (EDXS) were carried out in an
FEI Titan 80–300 (FEI, Eindhoven, Netherlands) image corrected electron microscope.

Four tensile specimens of alloy AA 6086 and seventeen of alloy AA 6082 were tested.
They were taken at D/4 in the longitudinal direction. The diameter of the specimens was
20 mm and the gauge length 100 mm. The tensile tests were done by Zwick Z250 (Zwick-
Roell Testing Systems GmbH, Fürstenfeld, Austria) according to ISO 6892-1 standard.

3. Results

3.1. Phase Identification in the As-Cast Condition and after Homogenization

Figure 1 gives the calculated phase composition and the effect of Zr on the liquidus
temperature. The modelled liquidus temperature is around 700 ◦C when the alloy contains
0.15% Zr and rises to about 740 ◦C at 0.25% Zr. Thus, the alloy can be melted entirely
in typical industrial furnaces, which can attain temperatures slightly above 750 ◦C. On
the other hand, the effect on the solidus temperature is rather low, which remains faintly
higher than 550 ◦C at Zr-contents up to 0.4%.

 

Figure 1. The effect of Zr on the liquidus temperature and formation of phases in the Al-corner. The
shaded area indicates the content range of Zr in AA 6086, the contents of other elements are the same
as in Table 2.

DTA-analysis (Figure 2) showed that the incipient melting point was at approximately
540 ◦C, which is more than 10 ◦C lower than the calculated solidus temperature. This is the
result of non-equilibrium solidification. Scheil simulation showed that during solidification
also Θ-Al2Cu, β-Si and Q-AlCuMgSi can form. Figure 1 shows that β-Si and Q-AlCuMgSi
can form in the solid-state, and Θ-Al2Cu is not predicted as a stable phase. DTA-analysis
also suggests that the homogenization temperature should be below the incipient meltings
point below 540 ◦C.
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Figure 2. A section of the heating DTA-curve between 500 ◦C and 750 ◦C (the heating rate 10 ◦C/min,
argon) showing six peaks occurring during the melting of the alloy, and that the incipient melting
point lies approximately at 540 ◦C.

Figure 3 shows the light micrographs revealing the grain structure in the as-cast state
and after homogenization treatment. The matrix α-Al solid solution possessed equiaxed
dendritic grains with sizes between 180 and 215 μm. The grain structures were somewhat
similar in both conditions.

 

Figure 3. The light micrographs of the alloy AA 6086 in (a) the as-cast condition and (b) after homogenization treatment.

SEM-micrographs (Figure 4) revealed the presence of other phases in the interdendritic
regions. The EDS-analysis showed that α-Al contained from 96.1 to 97.7 wt.% Al. At the
centre of α-Al, the contents of Si and Cr were higher than in the interdendritic regions,
the contents of Mg and Mn was less at the centre, while the contents of Cu and Zr were
almost the same. The distribution of elements was uniform after homogenization. The
contents of Si and Cr in the α-Al increased, the contents of Mg and Mn decreased, while
almost no differences were observed in the Zr-content. X-ray diffraction revealed that the
lattice parameters of the face-centred cubic FCC α-Al in both conditions were nearly the
same (a = 0.40458 ± 0.00025 nm in the as-cast state and a = 0.40475 ± 0.00020 nm after
homogenization, 0.004 nm smaller than in pure Al).

The X-ray diffraction patterns contained many peaks that often overlapped with one
another. A detailed X-ray diffraction (XRD) analysis (Figure 5) revealed seven phases in the
as-cast condition: α-Al, MgSi2, tetragonal Al3Zr, α-AlMnSi, ZrSi2, Θ-Al2Cu and β-Si and
four after α-Al, MgSi2, tetragonal Al3Zr, α-AlMnSi, ZrSi2, indicating that Θ-Al2Cu and
β-Si were dissolved. Nevertheless, the diffraction peaks remained at the same positions,
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because α-AlMnSi have a very high number of diffractions peaks at lower angles due to
its very large unit cell. The relative height of some peaks changed, indicating that some
phases partly or entirely dissolved.

 

Figure 4. The backscattered electron micrographs (SEM) of the alloy AA 6086 in the as-cast condition
(a,b) and after homogenization treatment (c,d).

 

Figure 5. X-ray diffraction patterns of AA 6086 in the as-cast condition and after homogenization
treatment. The peak positions of all phases found in the microstructure are indicated, showing strong
overlapping of peaks.
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Among the intermetallic phases, the volume fraction of the cubic α-AlMnSi was high-
est. EDS analysis confirmed that this phase also contained Fe and Cr. Typical chemical
composition was 11–12 at.% Si; 2–5 at.% Cr, 11.8–12.6 at.% Mn, 8–10 at.% Fe, 0.5 at.% Cu
and traces of Zr. The phase α-AlMnSi was present in the interdendritic and intergranular
spaces. It has the same composition in both conditions, so the lattice parameters were
almost the same (α-Al(Mn,Fe)Si: as-cast a = 1.26165 ± 0.00410 nm and homogenized
a = 1.26287 ± 0.00397 nm). The size of α-AlMnSi did not change significantly after ho-
mogenization. However, the particles became more compact, with rounded edges. The
calculation of equilibrium phases (Figure 6) shows that α-AlMnSi is relatively stable in this
alloy. Only a small fraction of α-AlMnSi dissolves when heated to the homogenization
temperature. The particles coarsen slowly to decrease the interfacial energy. It also indi-
cates that the alloying elements in α-AlMnSi cannot be dissolved in α-Al and contribute to
dispersion and precipitation hardening.

 

Figure 6. The calculated equilibrium phase fractions as a function of temperature. The calculated equilibrium solidus
temperature Ts was slightly above 750 ◦C. The Al13Cr4Si4 phase was not observed in the microstructure, as chromium did
not form its own phase, but it was incorporated into α-AlMnSi.

The black Mg2Si had a shape of Chinese script within a two-phase (α-Al + Mg2Si)
structure in the as-cast condition. During non-equilibrium solidification, an excess of Mg2Si
forms due to Mg and Si segregation in the interdendritic region. The calculation showed
(Figure 6) that Mg2Si should dissolve in a more significant amount at homogenization
temperature. The diffusivities of Mg and Si in α-Al are high [21], so the non-equilibrium
amount of Mg2Si can dissolve at the homogenization temperature and distribute in entire
α-Al grains. It was shown that the volume fraction of Mg2Si dropped from 1.4% to 0.3%
after homogenization, and the remaining particles significantly change their shape. They
also became spheroidal in shape to degrease the interfacial energy. The dissolved Mg
and Si are critical for the precipitation of β-type precipitates during artificial ageing. The
lattice parameters were similar in both conditions (as-cast a = 0.63483 ± 0.00360 nm and
homogenized a = 0.63422 ± 0.00126 nm).
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Zirconium was present in platelike particles of the tetragonal Al3Zr and within the
orthorhombic Si2Zr. Si2Zr crystallized on the Al3Zr platelets and was not separated from
Al3Zr. The closer microstructure analysis revealed that β-Si, Al2Cu and Q-AlCuMgSi
were present within the islands formed via a multiphase reaction at the terminal stages
of solidification (Figure 4a). The Scheil solidification model predicted all discovered
phases [20]. Phases β-Si, Al2Cu and Q-AlCuMgSi present within the islands in the as-cast
condition, dissolved completely during homogenization, which is in accordance with
calculations (Figures 1 and 6).

Within α-Al, copious nucleation of dispersoids took place during homogenization
(Figure 7). The TEM-investigation that α-AlMnSi and Al3Zr dispersoids formed within the
α-Al matrix during homogenization. Their sizes were between 100 and 500 nm, and had
different shapes. They formed because of the supersaturation of the matrix with Zr and
Mn after solidification. A detailed EDS-analysis showed that the most of dispersoids can
be attributed to α-AlMnSi phase. The brighter phases in the BSE-SEM images, as well as in
the HAADF TEM micrographs were identified as Al3Zr dispersoids.

 

Figure 7. Dispersoids in α-Al after homogenization. The High-Angle Annular Dark Field (HAADF)
image in TEM.

3.2. Microstructure of AA 6086 in the T6 Temper

The final microstructure and properties were achieved by the T6 temper, which
consisted of the solution annealing and artificial ageing. Prior to this, the alloy was hot
extruded, which oriented crystal grains in the pressing direction (length around 500 μm,
thickness about 40 μm. Figure 8 shows a TEM-micrograph, which reveals the subgrain
structure and dispersoids. During solution annealing, the crystal grains remain almost the
same as after extrusion, but the subgrains became equiaxed (Figure 9). Since the subgrain
sizes were only 2–5 μm in size, dispersoids effectively prevented excessive grain growth
during solution treatment. Extensive EDS-analysis also revealed two types of dispersoids,
which were identified before: α-AlMnSi and Al3Zr.
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Figure 8. The microstructure after extrusion. The extrusion direction is from left to right. The
High-Angle Annular Dark Field (HAADF) image in TEM.

 
Figure 9. The transmission electron micrographs of the alloy after T6 temper, shoving subgrains and
the distribution of dispersoids. (a) Bright-field micrograph and (b) HAADF micrograph.

Figure 10 showed the analysis of an α-AlMnSi dispersoid. EDS-showed that is also
contained Cr and Fe. This particle had the z-axis parallel to the z-axis of Al, however, in the
plane x-y no matching was found between these two phases.

Figure 11 showed the analysis of Al3Zr dispersoid. EDS showed that it also contained
silicon and a smaller amount of Ti, so it is correct to write (Al,Si)3Zr [17]. This particle pos-
sessed and excellent matching with the α-Al, which can be shown by HR-TEM micrograph
(Figure 11c) and FFF of HR-TEM (Figure 11d). It is inferred that this particle had cubic L12,
which usually has the cube-to-cube orientation relationship with α-Al [22]. In addition to
spheroidal Al3Zr with L12 structure, platelike Al3Zr particles were present. These particles
had the same composition, but according to other works, they probably had a tetragonal
structure [14].

8
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Figure 10. An α-AlMnSi dispersoid in the alloy after T6 temper. (a) HAADF micrograph, (b) EDS-
spectrum, (c) High-resolution HAADF micrograph, (d) Fast-Fourier transform (FFT) of image (c).
Zone axis α-Al: [001], zone axis of α-AlMnSi: [001].

  

Figure 11. An c-Al3Zr dispersoid in the alloy after T6 temper. (a) HAADF micrograph, (b) EDS-
spectrum, (c) High-resolution HAADF micrograph, (d) FFT of image (c). Zone axis of c-Al3Zr: [011].
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Higher magnification showed a very high density of precipitates, which were mainly
elongated β′-precipitates (Mg2Si) and Q′-precipitates with different shapes (AlCuMgSi)
(Figure 12). Figure 13 shows an individual Q′-precipitate in the α-Al, EDS-showed that it
contained Al, Cu, Mg and Si.

 

Figure 12. The transmission electron micrographs of the alloy after T6 temper, shoving precipitates.
(a) Bright-field micrograph and (b) HAADF micrograph.

 

Figure 13. A Q′-precipitate. (a) The high resolution TEM micrograph of the Q′- precipitate in α-Al,
(b) EDS-spectrum, (c) FFT of the HR-TEM micrograph, (d) model of FFT (Open circles: α-Al, black
dots: Q′-precipitate.

3.3. Comparison of Tensile Properties of AA 6086 and AA 6082

The new alloy AA 6086 was developed by modifying the composition of AA 6082 to
obtain higher strength. Table 3 compares the results of several tensile tests of both alloy
and Figure 14 shows their typical stress-strain diagrams. The modification of chemical
composition accompanied by typical manufacturing processes produced an increase of
both 0.2 proof stress (Rp0.2) and tensile strength (Rm) for about 100 MPa, while the ductility
did not change a lot.
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Table 3. Comparison of tensile properties of AA 6082 (average values and standard deviations for
17 samples) and AA 6086 (average values and standard deviations for 4 samples).

Alloy Sample Rp0.2/MPa Rm/MPa A/%

AA 6082 #1 365 389 13.7
#2 358 382 11.8
#3 354 376 13.2
#4 366 390 13.6
#5 359 384 14
#6 348 375 12.1
#7 362 386 13.5
#8 361 386 10.5
#9 358 384 13.1

graph #10 360 385 13
#11 359 384 14.2
#12 358 385 12
#13 359 385 11.5
#14 363 387 9.8
#15 377 401 12.8
#16 371 395 11.3
#17 373 396 13.3

Average and standard deviation 361.8 ± 6.8 386.5 ± 6.3 12.5 ± 1.2
AA 6086 #1 450 490 12.3

graph #2 456 488 9.7
#3 461 492 12.4
#4 464 495 11.8

Average and standard deviation 457.8 ± 5.3 491.2 ± 2.6 11.5 ± 1.1

 

Figure 14. Typical tensile diagrams of the alloys AA 6082 (Rp0,2 = 360 MPa, Rm = 385 MPa, A = 13.0%,
blue) and AA 6086 (Rp0,2 = 456 MPa, Rm = 488 MPa, A = 9.7%, red) in the T6 temper.

4. Discussion

By developing a novel alloy, the complete chemical composition of the AA 6082 was
optimized [19]. The addition of Zr in the range 0.15–0.25% increased the liquidus tempera-
ture from about 650 ◦C to 700–740 ◦C, which requires sufficient superheating of the melt
during melting, holding and casting to prevent formation of primary Al3Zr. The particles
can namely settle to the bottom of the furnace, and makes the Zr unavailable for formation
of dispersoids in later manufacturing steps. It is also desirable that the cooling rates during
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solidification are sufficiently high to avoid formation of coarse Al3Zr crystals. Al3Zr reacts
with the liquid via a peritectic reaction, thus forming α-Al with a higher Zr-content. During
further cooling α-AlMnSi forms via a eutectic reaction. The α-AlMnSi particles are rather
coarse and prone to changes upon subsequent homogenization and solution treatment.
Therefore, these particles can be detrimental for ductility. Mg2Si is formed during further
cooling. Despite it does not dissolve completely during homogenization, it obtains the
spheroidal shape, which is not so harmful for the ductility. Other phases that form during
the terminal stages of solidification completely dissolve during homogenization. Upon ho-
mogenization also dispersoids form. The alloying elements that are required for formation
of dispersoids does not come from the dissolving phases formed during solidification, but
rather from the α-Al matrix that was supersaturated with rather slowly diffusing Mn and
Zr. Predominantly forms α-AlMnSi and Al3Zr. In the first stage, c-Al3Zr forms [14], that
was also identified in the investigated alloy. Cubic Al3Zr can latter transform to tetragonal
Al3Zr. Plastic deformation with extrusion cause elongation of crystal grains in the extrusion
direction. However, it also caused formation of elongated subgrains, which have only
few micrometres in length and about 0.5 μm in thickness. The solution treatment caused
change of subgrains from directional to equiaxed, with sizes 2–5 μm. The dispersoids
present in the matrix effectively prevented dynamic recovery and recrystallization during
hot extrusion and excessive subgrain growth during solution annealing. Thus, the small
subgrains can significantly contribute to hardening [17,18].

Artificial ageing caused the formation of β-type precipitates (Mg2Si), which are the
primary hardening precipitates in the Al-Mn-Si alloys. The addition of copper caused the
formation of Cu-rich precipitates, e.g., Q′-AlCuMgSi, which were also found in other cases,
when Cu was added to 6XXX alloys [11].

The combined effect of different hardening mechanisms produces a rather strong
alloy. The yield strength was 452.5–463.1 MPa, the tensile strength 488.6–493.8 MPa, while
elongation at fracture was 9.6–12.6%. The strength levels strongly exceed the strengths
of other 6xxx alloys. However, the ductility was decreased, probably due to the coarse
particles of α-AlMnSi phase. Therefore, additional work is required to further improve the
properties, and determine impact toughness, fatigue strength and corrosion resistance of
this alloy.

Table 4 gives the presence of precipitates and dispersoids in some Al-alloys. The basic
and well-known alloy AA 6082 is strengthened mainly by β-type precipitates and contains
α-AlMnSi dispersoids. The newer alloy AA 6182 has almost the same composition but
contains 0.05–0.2 wt.% Zr. This increases the tensile strength by 50 MPa. It should be
stressed that the alloy AA 6082 reached the tensile strength of 386 MPa (Table 3), indicating
that the alloy AA 6182 could attain strengths above 400 MPa. The alloy AA 6110A, which
contains almost the same amount of copper as AA 6086, but no Zr, attains tensile strength
410 MPa. However, using the similar manufacturing route as in the current investigated
AA 6086 alloy, tensile properties around 450 MPa could be achieved. The novel alloy
AA 6086 should contain more β-type precipitates, more Mn-dispersoids and, in addition,
Zr-dispersoids. Altogether can contribute to higher strength levels in this alloy. The alloy
AA 6086 is not yet included in EN 755-2:2016 standard, but its likely minimum tensile
strength would be 450 MPa.

Table 4. The presence of precipitates and dispersoids in selected Al-alloys, and minimum tensile
strengths Rm in T6 temper according to EN 755-2:2016 (* possible minimum value for AA 6086, which
is not yet included in EN 755-2:2016; -: not present, +: present, ++: present in a higher amount).

Alloy β-Type
Q′-

Precipitate
Mn-

Dispersoids
Zr-

Dispersoids
min.

Rm/MPa

AA 6082 + - + - 310
AA 6182 + - + + 360

AA 6110A + + + - 410
AA 6086 ++ + ++ + 450 *
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The investigated AA 6086 efficiently uses advantages of other high-strength Al-Mg-Si
alloys, and is a result of evolution, and not revolution. It should be stated that for attaining
the tensile strengths up to 500 MPa in Al-Mg-Si alloys no additional strengthening mecha-
nisms are required. It should be stressed that in the industry, even classical manufacturing
processes are tightly monitored and controlled, which allows obtaining the properties
above the minimum levels stated by standards.

One of the examples of the drastic increase of mechanical properties with a slight
change of composition was given by Han et al. [23] who studied microstructure and
mechanical properties of Al-Mg-Si-Cu alloy with high manganese content. They achieved
more than 50% increase in the yield strength of the examined alloys with high manganese
content compared to the commercial AA 6061. They stated that additional Mn-dispersoids
were generating the strong dispersion hardening effect.

5. Conclusions

The investigation results showed that a slight modification of the chemical composition
of a standard aluminium alloy and its manufacturing by rather conventional manufacturing
process steps could result in a much higher strength (about 100 MPa) with a minute
decrease of ductility. Nevertheless, some improvements are still possible by optimization
of processing steps.

The addition of copper resulted in the formation of Q′-AlCuMgSi precipitates, which
combined with β-type (Mg2Si) precipitates contributed to strong precipitation hardening
effect. The addition of Zr resulted in the formation of different Al3Zr-type dispersoids,
which, together with α-AlMnSi prevented excessive grain growth during homogenization
and solution treatment.

This work indicates that somewhat small changes can lead to significant variations in
properties. This comprehension my lead to the development of other aluminium alloys
with improved properties, which are highly required in today’s world.
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Vukašin, Steinacher Matej, Impol d. d., Slovenska Bistrica, Slovenia

Author Contributions: Conceptualization, T.B., F.Z., M.S.; methodology, F.Z., M.S.; formal analysis,
T.B., M.S., F.Z.; investigation, T.B., M.S. and S.Ž.; writing—original draft preparation, F.Z., T.B.;
writing—review and editing, F.Z., T.B., S.Ž.; visualization, T.B. and M.S.; supervision, T.B. All authors
have read and agreed to the published version of the manuscript.

Funding: The XRD investigations were carried out at Elettra, Sincrotrone Trieste, Italy, in the frame-
work of Proposal 20180085. The TEM investigations at TU Graz were enabled by the ESTEEM 2
Project, which has received funding from the European Union’s Seventh framework program under
Grant Agreement No. 312483. The authors acknowledge the financial support from the Slovenian
Research Agency (research core funding No. P2-0120 and I0-0029) and by the Ministry of Education,
Science and Sport, Republic of Slovenia (Program MARTINA, OP20.00369).

Data Availability Statement: Not applicable.

Acknowledgments: We acknowledge Luisa Barba for support by XRD experiments at Elettra, Chris-
tian Gspan for S/TEM investigations.

Conflicts of Interest: The authors declare no conflict of interest.

13



Metals 2021, 11, 368

References

1. McQueen, H.J.; Celliers, O.C. Application of hot workability studies to extrusion processing. 3. Physical and mechanical
metallurgy of Al-Mg-Si and Al-Zn-Mg alloys. Can. Met. Q. 1997, 36, 73–86. [CrossRef]

2. Schiffl, A.; Schiffl, I.; Hartmann, M.; Brötz, S.; Österreicher, J.; Kühlein, W. Analysis of Impact Factors on Crash Performance of
High Strength 6082 Alloys Consider Extrudability and Small Modifications of the Profile Geometry. Mater. Today Proc. 2019, 10,
193–200. [CrossRef]

3. Hu, J.; Zhang, W.; Fu, D.; Teng, J.; Zhang, H. Improvement of the mechanical properties of Al–Mg–Si alloys with nano-scale
precipitates after repetitive continuous extrusion forming and T8 tempering. J. Mater. Res. Technol. 2019, 8, 5950–5960. [CrossRef]

4. Wang, X.F.; Shi, T.Y.; Wang, H.B.; Zhou, S.Z.; Xie, C.; Wang, Y.G. Mechanical behavior and microstructure evolution of Al-Mg-Si-Cu
alloy undertensile loading at different strain rates. Mater. Res. Express 2019, 6, 15. [CrossRef]

5. Sekhar, A.P.; Mandal, A.B.; Das, D. Mechanical properties and corrosion behavior of artificially aged Al-Mg-Si alloy. J. Mater. Res.
Technol.-JMRT 2020, 9, 1005–1024. [CrossRef]

6. Farh, H.; Djemmal, K.; Guemini, R.; Serradj, F. Nucleation of dispersoids study in some Al-Mg-Si alloys. Ann. Chim.-Sci. Mater.
2010, 35, 283–289. [CrossRef]

7. Mao, H.; Kong, Y.; Cai, D.; Yang, M.; Peng, Y.; Zeng, Y.; Zhang, G.; Shuai, X.; Huang, Q.; Li, K.; et al. β” needle-shape precipitate
formation in Al-Mg-Si alloy: Phase field simulation and experimental verification. Comput. Mater. Sci. 2020, 184, 109878.
[CrossRef]

8. Yang, M.; Chen, H.; Orekhov, A.; Lu, Q.; Lan, X.; Li, K.; Zhang, S.; Song, M.; Kong, Y.; Schryvers, D.; et al. Quantified contribution
of β” and β′ precipitates to the strengthening of an aged Al–Mg–Si alloy. Mater. Sci. Eng. A 2020, 774, 138776. [CrossRef]

9. Chakrabarti, D.J.; Laughlin, D.E. Phase relations and precipitation in Al–Mg–Si alloys with Cu additions. Prog. Mater. Sci. 2004,
49, 389–410. [CrossRef]

10. Sunde, J.K.; Marioara, C.D.; van Helvoort, A.T.J.; Holmestad, R. The evolution of precipitate crystal structures in an Al-Mg-Si(-Cu)
alloy studied by a combined HAADF-STEM and SPED approach. Mater. Charact. 2018, 142, 458–469. [CrossRef]

11. Sunde, J.K.; Marioara, C.D.; Holmestad, R. The effect of low Cu additions on precipitate crystal structures in overaged Al-Mg-Si(-
Cu) alloys. Mater. Charact. 2020, 160, 110087. [CrossRef]

12. Wang, Y.; Fang, C.M.; Zhou, L.; Hashimoto, T.; Zhou, X.; Ramasse, Q.M.; Fan, Z. Mechanism for Zr poisoning of Al-Ti-B based
grain refiners. Acta Mater. 2019, 164, 428–439. [CrossRef]

13. Babaniaris, S.; Ramajayam, M.; Jiang, L.; Varma, R.; Langan, T.; Dorin, T. Effect of Al3(Sc,Zr) dispersoids on the hot deformation
behaviour of 6xxx-series alloys: A physically based constitutive model. Mater. Sci. Eng. A 2020, 793, 139873. [CrossRef]

14. Meng, Y.; Cui, J.; Zhao, Z.; He, L. Effect of Zr on microstructures and mechanical properties of an AlMgSiCuCr alloy prepared by
low frequency electromagnetic casting. Mater. Charact. 2014, 92, 138–148. [CrossRef]

15. Vlach, M.; Cizek, J.; Smola, B.; Melikhova, O.; Vlcek, M.; Kodetova, V.; Kudrnova, H.; Hruska, P. Heat treatment and age
hardening of Al-Si-Mg-Mn commercial alloy with addition of Sc and Zr. Mater. Charact. 2017, 129, 1–8. [CrossRef]

16. Fu, J.N.; Yang, Z.; Deng, Y.L.; Wu, Y.F.; Lu, J.Q. Influence of Zr addition on precipitation evolution and performance of Al-Mg-Si
alloy conductor. Mater. Charact. 2020, 159, 7. [CrossRef]

17. Himuro, Y.; Koyama, K.; Bekki, Y. Precipitation Behaviour of Zirconium Compounds in Zr-Bearing Al-Mg-Si Alloy. Mater. Sci.
Forum 2006, 519–521, 501–506. [CrossRef]

18. Li, L.; Zhang, Y.; Esling, C.; Jiang, H.; Zhao, Z.; Zuo, Y.; Cui, J. Crystallographic features of the primary Al3Zr phase in as-cast
Al-1.36wt% Zr alloy. J. Cryst. Growth 2011, 316, 172–176. [CrossRef]

19. Cvahte, P.; Jelen, M.; Dragojevič, V.; Steinacher, M. A High-Strength Al-Mg-Si Aluminium Alloy and Its Manufacturing Process.
European Patent Office EP3214191A1, 19 August 2020.
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Abstract: The demand for aluminum alloys is increasing, as are the demands for higher strength,
with the aim of using lighter products for a greener environment. To achieve high-strength, corrosion-
resistant aluminum alloys, the melt is rapidly solidified using the melt-spinning technique to form
ribbons, which are then plastically consolidated by extrusion at elevated temperature. Different
chemical compositions, based on adding the transition-metal elements Mn and Fe, were employed
to remain within the limits of the standard chemical composition of the AA5083 alloy. The samples
were systematically studied using light microscopy, scanning electron, and transmission microscopy
with electron diffraction spectrometry for the micro-chemical analyses. Tensile tests and Vickers
microhardness were applied for mechanical analyses, and corrosion tests were performed in a
comparison with the standard alloy. The tensile strength was improved by 65%, the yield strength
by 45% and elongation by 14%. The mechanism by which we achieved the better mechanical and
corrosion properties is explained.

Keywords: aluminum alloy AA5083; rapid solidification; melt spinning; high-strength aluminum;
extrusion; bimodal microstructure; precipitations

1. Introduction

Aluminum alloys are increasingly popular in the transport industry because of their
good corrosion resistance, very good strength-to-weight ratio, and the consequent reduced
CO2 footprint. The most often used alloys with the best mechanical properties are the
2xxx and 7xxx series, which possess high strength and ductility, which benefits from the
precipitation strengthening, but have a relatively poor corrosion resistance. In contrast,
alloys from the 5xxx series have a good corrosion resistance, but only moderate strength.

High-strength aluminum alloys that are stable at elevated temperatures (above 200 ◦C)
cannot be produced commercially using conventional routes, if their high strength prop-
erties are to be based only on precipitation strengthening. It is common that a distinctive
loss of mechanical properties is observed at moderate temperatures (above 150 ◦C) due
to over-aging effects. Aluminum alloys that are resistant to high temperature must have
a stable microstructure, which is achieved by having stable, incoherent particles in the
matrix. These represent barriers to the sliding of dislocations and can be introduced by
a rapid solidification of the melt, where smaller insoluble particles remain in the matrix.
These particles prevent the movement of the sliding planes and the moving/migration of
dislocations. To improve the thermal stability of aluminum alloys, low-diffused transition
metals (TMs) such as Fe, Mn, Cr, Ni, V, Co, and/or Mo must be introduced.

Previous studies confirmed the benefits of TM elements for high-strength aluminum
alloys at elevated temperature through the addition of specific TM elements, either in-
dividually [1] or in pairs [2]. Some studies were performed with fixed amounts of one
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or two TM elements and the variation of a third element [3]. All the studies used pure
aluminum with a specific addition of TM elements. Very few authors [2,4] highlight the
importance of using scrap aluminum with contamination in the form of elements mixtures,
which have a role in improving thermal stability [5–7]. The diffusivity and solubility of
such elements in aluminum is very low, and during conventional production routes, hard
and brittle particles of Al-TM intermetallic phases are formed. These large phases reduce
the mechanical properties [8,9]. The solution is to dissolve the elements in an aluminum
matrix or disperse them in fine intermetallic particles, which can be produced by increasing
the solidification rate through melt spinning (cooling rate 104–106 K/s) or atomization
(cooling rate 102–104 K/s) [10]. Rapid solidification (RS) leads to interesting features, like
a significant increase of the alloying elements’ solid solubility, a greater refinement of
the microstructural grains and the formation of a variety of non-equilibrium aperiodic
phases. [11] The equilibrium solubility of TM elements in an aluminum lattice is very low,
commonly around 0.03 at. %, and consequently they cannot bring about any effective
strengthening with a conventional thermal treatment. The microstructure of rapidly so-
lidified alloys consists of supersaturated solid solution of alloying elements in aluminum,
with stable, metastable and quasicrystalline intermetallic phases. [3,12]

The previous investigations and trials attempting to improve the mechanical prop-
erties at elevated temperatures for aluminum alloys tended to use pure alloy elements
and studied and improved only some of the properties, mostly mechanical, but did not
produce materials that would improve a range properties, including corrosion, at the
same time. Although it is known that, normally, a major improvement in the mechanical
properties leads to moderate corrosion properties [13], and vice versa. Excessive amounts
of TM elements have also been used to realize a large increase in the mechanical properties.
But the explanation of the strengthening mechanism did not make it clear that, for example,
with an excessive amount of added TM elements, despite the high cooling rate, larger
Al-TM phases can occur, which negatively affect the corrosion rate.

The main objective of our study was to importantly improve the mechanical and
corrosion properties of the aluminum alloy AA5083, which is known as a good corrosion-
resisting material with moderate strength. With minor alloy modifications and a rapid
solidification route we intended to modify the microstructure and consequently improve
the mechanical and corrosion properties at elevated temperature which would classified
these materials as high-strength aluminum alloys.

2. Materials and Methods

The commercial aluminum alloy AA5083 (EN AW 5083) was modified with the
alloying elements, rapidly solidified, and then isostatically pressed at room temperature,
with a final hot extrusion (Figure 1).

Figure 1. Scheme of the material’s preparation.

The chemical compositions of the standard AA5083 aluminum alloy and the modified
samples with the addition of only Mn as well as Fe and Mn are presented in Table 1.
The most important feature is to apply the modification of the elements up to the allowed
tolerance limit according to standard. This is important for industry, because, for example,
the transport industry is extremely strict regarding safety standards and is not permitted to
introduce new materials until there has been at least 10 years of testing. By staying within
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the limits of the standard chemical composition, the new, improved material can be more
readily accepted.

Table 1. Chemical composition of studied materials (in wt. %).

Samples Si Mn Fe Zn Mg Ti Al

Standard AA5083 [14] max. 0.40 0.40–1.00 max. 0.40 max. 0.25 4.00–4.90 max. 0.15 balance

Master AA5083 alloy 0.20 0.52 0.34 0.024 4.3 0.016 balance

RS AA5083 0.20 0.52 0.32 0.024 4.3 0.016 balance

RS AA5083 with Mn 0.20 1.00 0.31 0.024 4.3 0.016 balance

RS AA5083 with Fe and Mn 0.20 1.00 0.45 0.024 4.3 0.016 balance

Melt spinning was used to prepare rapidly solidified ribbons. The aluminum melt
was superheated to 1400 ◦C and cast through small orifice onto a water-cooled copper
wheel rotating with a circumferential speed of 50 m/s.

The obtained ribbons were cold compacted under pressure of 200 MPa into billets
of 24 mm diameter and approximately 70 mm height. The billets were preheated at the
temperature of 420 ◦C for 15 min prior to the extrusion. The reduction was from 24 mm to
6 mm and the reduction ratio was 16. For comparison, an industrially-extruded standard
AA5083 alloy (our master alloy) was used.

The microstructure of the obtained ribbons was first characterized by light microscopy
(LM). The samples were prepared by standard metallographic procedure by grinding and
polishing with 1-μm surface finishes. To reveal the microstructure for LM the samples were
etched using the Weck two-stage etching process. The LM investigation was performed
with a Microphot FXA (Nikon Instruments Inc., Tokyo, Japan), an Olympus DP73 camera
(Olympus Europe Holding GMBH, Hamburg, Germany) and the Stream Motion (Olympus,
Tokyo, Japan) computer program. The microstructure investigations of the ribbons and the
extruded materials were performed by scanning electron microscopy (SEM, JEOL FESEM
JSM 6500F, (JEOL, Tokyo, Japan)) using electron back-scatter diffraction (EBSD, camera
HKL Nordlys II with Channel 5 software (Oxford Instruments HKL, Hobro, Denmark))
for the grain size and the orientation, and energy-dispersive spectroscopy (EDS, INCA
ENERGY 400, Oxford Instruments, High Wycombe, UK) for the micro-elemental analysis.
Samples of the ribbons were prepared with an ion slicer that was perpendicular to the
ribbon. The extruded samples were prepared perpendicular to the extrusion direction
by grinding and mechanically polishing with 2 min oxide polishing suspension (OPS).
The microstructures of selected ribbons were characterized by high-resolution transmission
electron microscopy (TEM, JEOL JEM-2100, JEOL, Tokyo, Japan) in bright field (BF) mode
coupled with an EDS analyzer (INCA, Oxford Instruments, High Wycombe, UK).

The Vickers microhardness was measured with a TUKON 2100B (Instron, Norwood,
MA, US) instrument. For testing of the ribbons, a 0.025 kgf load was used, and for
the extruded material a 0.5 kgf load was used. The microhardness measurements were
performed on every sample 5 times and the average values are presented.

The chemical analyses were performed using optical emission spectrometry with an
inductive coupled plasma (ICP-OES Agilent 720, (Agilent, Santa Clara, CA, USA)).

The corrosion testing of the extruded samples was performed using electrochem-
ical impedance spectroscopy. An exposed 1 cm2 of extruded Al sample was prepared
for the electrochemical testing in 3.5% NaCl solutions. All the samples were mechani-
cally prepared with SiC paper up to 2400 grit and polished to a mirror finish. Before
the electrochemical measurements, the samples were washed and rinsed with acetone
and washed in deionized water and dried in air. All the solutions for the experiment
were made using MERCK (Merck KGaA, Darmstadt, Germany) chemicals and deionized
water. A three-electrode system was used for the measurements, an aluminum electrode
(working electrode), a saturated calomel electrode (SCE) as the reference electrode and a
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Pt mesh as the counter electrode. All the electrochemical measurements were performed
using a Potentiostat/Galvanostat BioLogic SP 300 (Biologic, Seyssinet-Pariset, France)
with EC-Lab V11.27 software (Biologic Science Instruments, Seyssinet-Pariset, France).
The measurements of all the potentiodynamic polarizations were conducted at a scan rate
of 1 mV/s. The data were gathered for the determination of the electrochemical parameters:
Corrosion current density icorr and corrosion potential Ecorr to make the comparison of the
extruded samples.

Mechanical tests were performed on an INSTRON 1255 machine (500 kN, Instron,
High Wycombe, Buckinghamshire, UK) at room temperature with a constant velocity
corresponding to an initial strain rate 10 −2 s−1. For each group of samples, at least five
samples were tested. Based on the results the tensile strength (Rm), yield strength (Rp0.2)
and elongation (A) were recorded. The results are presented as average values.

3. Results and Discussions

To achieve the high strength and corrosion resistance of the aluminum alloy, the melt is
rapidly solidified in the form of ribbons and further plastically consolidated using extrusion
at elevated temperature. Different chemical compositions of the alloys were prepared and
melt spun. The products of melt spinning are typically ribbons, approximately 3 mm wide
and 50–120 μm thick, as shown in Figure 2a. The melt-spun ribbons were characterized
in the longitudinal direction. An etched LM image reveals the microstructure of the RS
aluminum alloy (Figure 2b). Columnar grains appeared on the side where the melt touched
the copper wheel. The ribbon’s surface on this side is flat and the precipitates are very
small and not directly visible in LM micrographs. They are seen as etched pits due to
the corrosion attack of the small precipitates. The ribbon’s surface on the air side is not
flat, but rougher and in cross-section shows a wave-like appearance. On this side of the
ribbons the grains are smaller and polygonal with larger precipitates, seen as dark dots.
The wheel side of the ribbons has a faster cooling rate, which means the solidified melt is
supersaturated. The TM alloying elements like Fe and Mn remain in a solid solution and
the precipitates are much smaller. The grains are columnar and the growth direction is
defined by the direction of the heat gradient, which is perpendicular to the copper wheel.
The very fast cooling rate causes no precipitation during the crystal growth and this is
the reason why the grains are larger. While the air-side ribbons solidify more slowly and
the precipitates have more time to grow. This part of the ribbons is at a certain point still
liquid and has many precipitates, which are seeds for the crystallization. That causes the
formation of many small grains that begin to grow at almost the same time.

 

Figure 2. (a) Melt-spun ribbons, (b) longitudinal cross-section of ribbon (light microscopy (LM), etched by two-stage Weck).

SEM images reveal the microstructure of ribbons even better. Depending on the
chemical composition, some ribbons have less or no precipitates, as shown in Figure 3a,
where there is a cross-section of the ribbon with no addition of Fe and/or Mn. The addition
of TM elements, Mn in Figure 3b and Mn and Fe in Figure 3c, causes more precipitation.
As already described for Figure 2b, the majority of ribbons have larger precipitates on the
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air side; however, it sometimes happens that the ribbons touch each other or the time of
the contact with copper wheel can be different. Due to very uneven conditions during melt
spinning, the large precipitates are not always on the air side.

 
Figure 3. SE images of the cross-section of the melt-spun ribbons (a) rapid solidification (RS) AA 5083, (b) RS AA 5083
with Mn, (c) RS AA5083 with Mn and Fe.

Figure 4 shows the air-side ribbon with bright and dark precipitates analyzed by
SEM/EDS. In SE image, the areas of the EDS analyses are marked and the related chemical
composition are presented in the inset table. Even though EDS analysis are rather inaccurate
for small phases we assume that fine bright phases, according to our EDS analysis and the
literature [3,15], are some of these possible phases; α-Al15(FeMn)3Si, β-Al5FeSi, Al9Mn3Si
and/or α-Al12Fe3Si. There are many of these bright colored phases in the microstructure.
There is less dark phase (Mg2Si), which is present only in the RS ribbons that were the most
slowly cooled. All the phase sizes are submicron, mostly smaller than 500 nm. There are
no large phases in the RS ribbons. In the inset table of EDS results in Figure 4 highlighted
elements shows the possible bright (Spectra 1 and 2) and dark (Spectra 3 and 4) phases.

 
Figure 4. SE micrograph with marked EDS analyses and corresponding EDS results.

TEM BF micrographs were recorded for all three studied samples and both wheel-side
and air-side areas. In all the studied areas small precipitates were present and the amount
of those precipitates increased with the addition of TM elements. TEM/EDS analyses were
performed and in Figure 5 is a TEM BF micrograph with a lot of nanosized precipitates
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of the sample RS AA5083 with Mn and Fe. In the TEM BF micrographs, large amounts
of precipitates based on AlMnFe (Al6(Mn,Fe) phase) are present in a spherical shape of
50 nm and needles of 50 nm thick and approximately 100–500 nm long. Those precipitates
are formed because of the supersaturated TM elements in the rapidly solidified aluminum
matrix. They were also studied by Stan-Glowinska et al. [3].

 
Figure 5. TEM bright field (BF) micrograph with marked analyzed EDS areas and corresponding
EDS results.

The grain morphologies of the as-melt-spun and the annealed ribbons are clearly seen
from the EBSD inverse pole figure in the Z direction (IPF-Z) map (Figure 6), similar to the
findings of Tewari [16] using different alloy. The as-melt-spun ribbons in contact with the
rotating wheel have larger and columnar grains. The other part solidified subsequently and
has a much finer, polygonal grain structure (Figure 6a). Because the solidification starts at a
large number of seeds at the same time, a very fine grain structure appears, with polygonal
shapes. Due to the different solidification conditions of the ribbons, the bimodal structure
is obtained. In the literature [2], quite often the formation of fine grains is correlated with
the wheel side, because this part of the ribbons is much more quickly cooled and solidified,
which seems to be contradictory. The very flat surface of the ribbon is undoubtedly proof
of wheel side, which is correlated with columnar grains.

 
Figure 6. SEM electron back-scatter diffraction (EBSD) IPF-Z maps of cross-section of melt spun ribbons with addition of
Mn and Fe, (a) as melt spun, (b) after annealing at 500 ◦C for 3 h.
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The temperature stability of the ribbons was tested by exposure to different temper-
atures (T interval from 350 to 500 ◦C) and times (t = 3, 12, 24 h) and was performed to
select the proper conditions for extrusion. No significant differences by measuring the
microhardness were revealed up to 450 ◦C. The first drop in the microhardness of the
ribbons was detected at 470 ◦C. The microstructure (Figure 6b) of the annealed ribbons at
500 ◦C for 3 h with the addition of Mn and Fe shows a slight difference in the grain shape,
because they started to coarsen due to the high temperature and longer exposure time.

A comparison of the three RS ribbons with modified chemical compositions shows
that the most temperature-resistant material is the one with the addition of Mn and Fe. Mi-
crohardness measurements of those ribbons show the highest values for all the temperature-
testing ranges (Table 2).

Table 2. Vickers microhardness of ribbons (HV0.025) for each annealing temperature with three different annealing times.

Annealing T (◦C) 350 400 450 470 500 as-spun

Annealing t (h) 3/12/24 3/12/24 3/12/24 3/12/24 3/12/24 3/12/24

RS AA5083 96/87/87 96/83/82 89/84/81 82/81/81 79/81/75 98

RS AA5083 + Mn 97/97/96 98/95/96 95/94/92 87/83/84 82/79/78 105

RS AA5083 + Mn + Fe 107/104/104 101/102/101 98/96/95 89/89/87 87/85/83 109

A bimodal microstructure is achieved by rapid solidification due to the nature of the
melt spinning’s solidification and consists of two different regions: The wheel side and
the air side. The wheel side is cooled faster and is composed of a supersaturated solid
solution of TM elements and has larger columnar grains. On the other hand, the air side
is less intensively cooled and consists of stable and metastable phases and has smaller
grains, mainly under 1 μm. Voderova et al. [2,10] discuss the phases and precipitations
achieved by melt spinning of aluminum alloys with addition of different TM elements.
The rapidly solidified aluminum alloy with the addition of Fe (up to 11 wt. %) is com-
posed of a supersaturated solid solution of Fe in aluminum and metastable Al6Fe [17]
on the faster-cooling side, while the air side contains a smaller amount of stable Al13Fe4,
also referred as Al3Fe [18], and metastable Al6Fe. The supersaturated TM elements in our
study were confirmed by TEM analyses in Figure 5, where all the nano-precipitates consist
of Al, Mn and Fe. On the other hand, the air side of the ribbons contained Al13(Mn,Fe)4,
Al15(Mn,Fe)3Si and Mg2Si phases, which were analyzed by SEM/EDS in Figure 4.

After the melt-spun material was cold compacted into billets the hot extrusion was
performed at 420 ◦C. Cross-sections perpendicular to the extrusion direction were prepared
for EBSD microstructure analyses. Figure 7 shows the microstructure development during
the extrusion of the RS ribbons. In Figure 7a is extruded RS AA5083 material with a
homogeneous grain size and distribution. The grains of RS AA5083 with Mn (Figure 7b)
and RS AA5083 with Mn and Fe (Figure 7c) show a bimodal gran structure where both
larger and smaller grains in ribbons, despite hot extrusion, retain their size and shape.
The effect of the bimodal structure appears due to the very good thermal stability of the
RS material with the addition of TM elements. Nanoprecipitates based on TM elements
keep the material stable by preventing the grain refinement of larger grains due to the
mechanical deformation and grain growth due to the recrystallization temperature. The TM
elements prevent the migration of dislocations and make it difficult for the sliding planes
to move.
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Figure 7. EBSD IPF Z maps of cross-section of the extruded material (a) IPF-Z of RS AA5083, (b) RS
AA5083 with Mn, (c) IPF-Z of RS AA5083 with Mn and Fe, and (d) IPF legend.

The mechanical tests of the RS extruded material showed a significant improvement
in the tensile and yield strength without decreasing the elongation. In comparison to the
master alloy (industrially extruded) AA5083 material and the standard tensile strength
of the extruded RS AA5083 increase for 5% and 30%, respectively, and for extruded RS
AA5083 material with Mn and with Mn and Fe the increases were 20% and 48%, respectively,
for Mn addition and 34% and 65% for Mn and Fe addition. Also, the yield strength of the
extruded RS AA5083 with Mn and extruded RS AA5083 with Mn and Fe increased by 30%
and 125% for the Mn addition and 45% and 151% for Mn and Fe additions, respectively.
The elongation of the extruded RS AA5083 with Mn and Fe increased by 100% compared
to the standard material and 14% compared to industrial extruded AA5083 master alloy.
The average results of the mechanical tests are presented in Table 3.

Table 3. Mechanical properties of standard AA5083 compared with the studied materials.

Samples
Tensile Strength

Rm (MPa)
Elongation

A (%)
Yield Strength

Rp0.2 (MPa)
HV0.5

Standard for AA5083 [14] 270 12 125 75

Extruded AA5083 334 20 216 90

Ex. RS AA5083 353 21 195 97

Ex. RS AA5083 with Mn 402 20 282 110

Ex. RS AA5083 with Mn and Fe 447 24 314 112

The potentiodynamic measurements of the four different extruded Al samples in a
typical corrosion medium of 3.5% NaCl is shown in Figure 8 and Table 4. The corrosion rate
calculations were performed according to the Faraday’s law described in ASTM G102-89
(re-approved in 2015 standard) [19]:

vcorr = K1 (icorr/ρ) EW (1)
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where K1 is 3.27 10−3 mm/g μA cm yr (for mmpy units of vcorr), icorr is corrosion current
density in μA/cm2, which is calculated from the Stern–Geary equation [19] by B/Rp,
where B is calculated and Rp is the polarization resistance from the slope of the potential
versus current density plot taken approximately 20 mV on either side of the open circuit
potential, ρ is density of the material in g/cm3 and EW is equivalent weight (considered
dimensionless in this equation), while icorr is in ohm-cm2. Rp is the slope of the potential
versus current density plot taken approximately 20 mV on either side of the open circuit
potential where the slope is often approximately linear.

 

Figure 8. Polarization curves recorded for four different extruded RS Al samples in 3.5% NaCl.

Table 4. Corrosion properties of the studied extruded materials.

Samples Ecorr vs.SCE (V) icorr (μA) vcorr (mm/y) Corrosion Rate (mm/y)

Ex. AA5083 −1.019 0.98 3.78 × 10−2 0.0378

Ex. RS AA5083 −1.176 1.11 4.28 × 10−2 0.0428

Ex. RS AA5083 with Mn −1.251 0.64 2.48 × 10−2 0.0248

Ex. RS AA5083 with Mn and Fe −0.857 0.16 6.21 × 10−3 0.0062

The main difference between the samples is the chemical composition and the rate
of solidification (normal material extrusion and extrusion of RS material) of the alloys,
which all affected the polarization potential and the passivation behavior. Before all the
measurements of the corrosion parameters, 1 h of stabilization at the open-circuit potential
(OCP) occurred. Corrosion potentials (Ecorr) for these samples changed quite fairly, as the
RS AA5083 with Mn has Ecorr around −1.2 VSCE and RS AA5083 with Mn and Fe sample
has approximately −0.86 VSCE. On the other hand, following the Tafel region, the alloys
exhibited a differently broad range of passivation with practically the same breakdown
potential (Eb) at around −0.83 VSCE. The passivation range is significantly narrowed,
and there is almost no passive region for sample RS AA5083 with Mn and Fe, whereas the
corrosion-current density (icorr) and corrosion rate (vcorr) was almost seven-times lower
compared to the highest icorr and vcorr of the sample RS AA5083. In the passive range
the corrosion-current densities changed for the tested specimens from 0.16 mA to almost
1.11 mA. In the active-passive transition just two of the studied specimens went into the
typical passive range, RS AA5083 and RS AA5083 with Mn, whereas the other two did not
exhibit a typical passive region or it was considerably narrower.

The correlation between grain size and corrosion in the Al alloys has been extensively
studied [20–23], but the literature data does not present a unified explanation for the effect
of grain refinement on the corrosion resistance of Al alloys. On the other hand, the amount
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of intermetallic inclusions usually plays a crucial role in the susceptibility of different Al
alloys to corrosion characteristics [24,25]. However, the effects of grain boundaries and
intermetallic phases on the corrosion are still not thoroughly understood and each play an
important role in the final corrosion characteristics of the alloy.

The corrosion-favorable parameters in our studied Al alloys correlate with the grain
size and consequently with the number/length of the grain boundaries where the in-
clusions less favorable to corrosion can form (e.g., β-phase (Al3Mg2)) with an increased
amount of Mg that migrates to the grain boundaries [25]. In our case, the corrosion rate
increases with the number of grains. As a result, our studied alloys corroborate with
the data described for the similarly processed Al alloys (severe plastic deformation SVD,
high-pressure torsion HPT, equal-channel angular pressing ECAP, friction steer welding
FSW, etc.) [22,26]. The improved corrosion resistance in our study occurs in the samples
with a bimodal microstructure. The EBSD data (Figure 7) show that the number of grains
per analyzed area in the samples with a bimodal microstructure is reduced by approxi-
mately 50%. The smaller number of grains in the extruded RS AA5083 samples with the
addition of Mn and Fe is due to partly the larger grains in the material’s microstructure.
The material with addition of Mn and Fe has larger amount of bimodal microstructure
(Figure 7c) and also larger amount of grains with (001) planes parallel to the surface. From
the literature [27] it is known that (001) single crystals has most noble pitting potential
values. This can be explanation why material with Mn and Fe has despite the additional
elements even better corrosion resistance.

4. Conclusions

The study was focused on the preparation of a high-strength aluminum alloy with
superior mechanical properties and very good corrosion resistance at elevated temperature
within the limits of the standard AA5083 alloy. By using the melt-spinning technique
we achieved supersaturated, temperature-resistant ribbons from which the extruded alu-
minum material was produced. With the addition of transition-metal elements to the
standard alloy we improved the mechanical and corrosion properties with a bimodal
microstructure of the material.

The main achievements and conclusions are:

• The explanation of the grain morphology was related to the nature of the melt-spinning
process—the grains are larger and columnar in the direction of the temperature
gradient on the wheel side of the RS ribbons. On the other hand, the ribbons’ air side
consists of a larger amount of smaller grains, typically around 1 μm.

• The explanation of the precipitates was related to the nature of melt-spinning process—
the precipitates on the wheel side of the RS ribbons are nano-sized, based on AlMnFe,
due to the extremely high cooling rate. The air side of the RS ribbons consists of,
besides the nano-sized AlMnFe precipitates, also micron-sized stable and metastable
phases, like Mg2Si, and phases based on AlMnFeSi.

• The relation of the chemical composition to the grain morphology after extrusion—the
addition of transition-metal elements generates in the matrix material nano-sized
precipitates, which influenced the grain behavior during extrusion. The material with
more precipitates retains the bimodal structure due to melt spinning, independent of
the subsequent deformation process, even at elevated temperatures. This makes the
material stable at higher temperature.

• The relationship between the chemical composition and the mechanical and corrosion
properties depends on the addition of transition-metal elements directly and indirectly
influences the nano- and microstructure of the RS material, as well as the grain
behavior during the thermal treatment. The optimal concentrations of TM elements
improve all the mechanical properties and maintain or even improve the corrosion
resistant of the RS aluminum alloy.
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Based on experiments, we have shown that it is possible to produce aluminum alloys
with high-strength properties and excellent corrosion resistance at elevated temperatures,
which can also be introduced and up-scaled into an industrial manufacturing process.
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Lukáč, F.; Cieslar, M.; Bajtošová, L.;

Kudrnová, H.; Sima, V.;

Zikmund, S.; et al. Role of Small

Addition of Sc and Zr in Clustering

and Precipitation Phenomena

Induced in AA7075. Metals 2021, 11, 8.

https://dx.doi.org/10.3390/

met11010008

Received: 25 November 2020

Accepted: 21 December 2020

Published: 23 December 2020

Publisher’s Note: MDPI stays neu-

tral with regard to jurisdictional claims

in published maps and institutional

affiliations.

Copyright: © 2020 by the authors. Li-

censee MDPI, Basel, Switzerland. This

article is an open access article distributed

under the terms and conditions of the

Creative Commons Attribution (CC BY)

license (https://creativecommons.org/

licenses/by/4.0/).

1 Faculty of Mathematics and Physics, Charles University, Ke Karlovu 3, CZ-12116 Prague, Czech Republic;
veronika.kodetova@seznam.cz (V.K.); jakub.cizek@mff.cuni.cz (J.C.); mleibner@seznam.cz (M.L.);
tomas.kekule@mff.cuni.cz (T.K.); lukac@ipp.cas.cz (F.L.); cieslar@met.mff.cuni.cz (M.C.);
lucibajtos@gmail.com (L.B.); hana.kudrnova@mff.cuni.cz (H.K.); vladimir.sima@mff.cuni.cz (V.S.);
sebastienz@seznam.cz (S.Z.)

2 Institute of Plasma Physics, The Czech Academy of Sciences, Za Slovankou 3, CZ-18200 Prague,
Czech Republic

3 Joint Laboratory of Solid State Chemistry, Faculty of Chemical Technology, University of Pardubice,
Studentská 84, CZ-53210 Pardubice, Czech Republic; eva.cernoskova@upce.cz (E.C.);
petr.kutalek@upce.cz (P.K.)

4 Institute for Materials Testing and Materials Engineering, Freiberger Strasse 1, D-38678 Clausthal-Zellerfeld,
Germany; info@mse-clausthal.de (V.-D.N.); volkmar.neubert@tu-clausthal.de (V.N.)

* Correspondence: martin.vlach@mff.cuni.cz; Tel.: +42-022-191-1459

Abstract: A detailed characterization of phase transformations in the heat-treated commercial 7075
aluminum alloys without/with low Sc–Zr addition was carried out. Mechanical and electrical
properties, thermal and corrosion behavior were compared to the microstructure development. The
eutectic phase consists of four parts: MgZn2 phase, Al2CuMg phase (S-phase), Al2Zn3Mg3 phase
(T-phase), and primary λ-Al(Mn,Fe,Si) phase. Strengthening during non-isothermal (isochronal)
annealing is caused by a combination of formation of the GP zones, η’-phase, T-phase and co-presence
of the primary and secondary Al3(Sc,Zr)-phase particles. Positive influence on corrosion properties
is owing to the addition of Sc–Zr. Positron annihilation showed an evolution of solute Zn,Mg-
(co-)clusters into (precursors of) the GP zones in the course of natural ageing. The concentration of
the (co-)clusters is slightly negatively affected by the low Sc–Zr addition. A combination of both
precipitation sequences of the Al–Zn–Mg–Cu-based system was observed. The apparent activation
energy values for dissolution/formation of the clusters/GP zones and for formation of the metastable
η’-phase, stable T-phase and stable η-phase were calculated.

Keywords: 7xxx aluminum series; early precipitation stages; corrosion; Al3(Sc,Zr) particles; annihila-
tion of positrons; activation energy

1. Introduction

The heat-treated commercial aluminum 7xxx series (Al–Zn–Mg–Cu-based) alloys ex-
tensively appear in various applications, including metalworking, automotive, aircraft, and
space engineering thanks to their precipitation-hardening reaction and light weight [1–5].
Since aluminum (Al) is commonly used nonferrous metal, the world’s consumption of
Al increased year by year, mainly driven by the growth in China [2,3]. According to the
European Aluminum Association (EAA), massive usage of Al would decrease the CO2;
decreasing the weight of the (hybrid) vehicles by ~100 kg reduces the fuel (energy) con-
sumption ~5 percent [2,3]. Even though aluminum commercial 7xxx-based alloys have
been traditionally used especially as a lightweight material for traffic systems, the trends in
industry emphasize the improvement and stabilization of the structure and properties of
these materials through a careful control of thermo-mechanical processing schedules [4,5].
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The chemical composition of these alloys plays a really big role in their characterization.
Many of these useful properties can be influenced and controlled by the appropriate al-
loying of Mg and Zn [6–11]. However, they are regulated not only by the concentration of
solutes, but also by processing and suitable parameters including heat treatment/annealing
procedure, rolling/deformation, quenching and/or subsequent ageing [7,10–17]. It enables
study to vary the concentration of different types of elements dissolved in Al as well as the
size distribution/composition of phases.

The category of transformation line is changed with the content and composition of a par-
ticular element; the (non-)isothermal series of annealing steps are usually used [6,8,10,17–23].
Despite having some disagreements and obscurity about the arrangement and the types of the
hardening phases in the alloys, the decomposition of supersaturated solid solution is in the con-
sistency with two precipitation sequences, where η′(MgZn2)-phase (hexagonal)/η(MgZn2)-
phase (hexagonal) and T′(Al2Zn3Mg3)-phase (hexagonal)/T(Al2Zn3Mg3)-phase (cubic) oc-
cur [15,19,20]. The precipitation of the semi-coherent η′- and T′-phases usually cause the
age-hardening of the materials in contrast to the incoherent η- and T-phases [19,20,22–27].
Many authors use different designations for the early precipitation phases formed during
the precipitation; (co-)clusters/Guinier-Preston (GP) zones of different types usually appear
during ageing at temperatures lower than ~150 ◦C [19,20,25,28–33].

One possibility how to improve the potential of traditional commercial aluminum 7075-
(Al–Zn–Mg–Cu–Mn–Si–Fe-) based alloys is the addition of rare earth (RE) elements (incl.
Sc) and/or the addition of selected transition (TM) metals (e.g., Zr) [1,12–16,19,34–39]. The
TM elements diffuse much slower than Sc and a TM-enriched shell behaves as a diffusion
barrier preventing the diffusion from the Sc-rich core and this way reduces a coarsening of
the core-shell secondary Al3(Sc,TM)-phase [1]. It enhances the usage of these alloys up to
~400 ◦C. The addition of Sc (0.05–0.20 at.%) and Zr (0.05–0.50 at.%) is the most effective Sc–Zr
combination in aluminum due to the precipitation of the secondary spherical (coherent) core-
shell ternary L12-structured Sc,Zr-containing phase [1,12,13,20,34,36]. The Sc and Zr content
can help to refine and to affect the microstructure and the recrystallization temperature and
therefore the materials in a non-recrystallized state improve their mechanical properties
and resistance to corrosion [1,15,40–42]. It has recently been found in the commercial Al
alloys with low Sc–Zr addition that the inter-metallic particles of primary Al3(Sc,Zr) phase
have a multi-layered structure with many different shapes (dimension about 1–3 μm) and
they appear inside (in the center of) the grains in principle [15,20].

The reason of this work is a detailed characterization of the phase transformation in
heat-treated Al–Zn–Mg–Cu–Mn–Si–Fe (–Sc–Zr) alloys and thus contribute to the knowl-
edge of the ongoing processes in the aluminum commercial 7xxx alloys. This work is based
on ongoing research, which has partially been recently published in References. [15,19,20,25].
The results of positron annihilation, microhardness and resistivity measurements during
the isochronal annealing and subsequent natural ageing, thermal response and corrosion
behavior were suitably supplemented with the powder X-ray diffraction and microstruc-
ture observations by scanning and transmission electron and atomic force microscopy.
The article attempts to enlarge the knowledge about the very early precipitation stages,
precipitation mechanism, corrosive characteristics and activation energies for the dissolu-
tion/formation of the phases in the Al-based commercial alloys with low Sc–Zr addition.
Due to the fact that this is a study of a cast heat-treated (“pseudo-homogenised”) aluminum
7075 (-Sc–Zr)-based alloy (i.e., without thermo-mechanical processing such as hot rolling
or cold rolling), the research results are relevant to the use of the alloys as shape cast-
ings or perhaps more significantly for additive manufacturing although the solidification
conditions would be very different.

2. Materials and Methods

Two alloys were studied: Without Sc–Zr addition (labelled as 7075 alloy) and with
Sc–Zr addition (labelled as 7075-ScZr alloy). The composition of the alloys is listed in
Table 1 (Al is the balance).

28



Metals 2021, 11, 8

Table 1. Chemical composition of the alloys investigated (at.%), Al is the balance.

Alloy Mg Zn Cu Mn Si Fe Sc Zr

7075 3.44 2.76 0.79 0.21 0.22 0.18 - -
7075-ScZr 3.41 2.72 0.77 0.26 0.24 0.23 0.14 0.06

The materials were conventionally prepared by melting of pure Al, Mg, Zn, and Cu
(the purity of Al used was more than 99.5%, in case of Mg, Zn, and Cu more than 99%)
and commercial-purity master alloys (Al-2Sc and Al-10Zr) in a resistance vacuum furnace
(SVÚM, Čelákovice, Czech Republic) at ~ 850 ◦C. The materials were cast into a cylindrical
steel mold with size of ~125 mm × 20 mm × 270 mm. The total weight of the ingots was
about 1.5 kg; it was therefore an experimental laboratory produced casting. The materials
after casting were stored at room temperature (RT) until the measurements. Specimens for
characterization of phase development and age hardening were mainly cut parallel to the
longitudinal ingot axis. Sampling from the outer ingot part was excluded. The alloys were
then subjected to the high temperature annealing at 470 ◦C in the furnace with a protective
Ar-atmosphere. The annealing time at 470 ◦C was 60 min (or 240 min). After the annealing,
the materials were quenched in water at RT. Unless otherwise stated, the state of the alloys
after high temperature annealing at 470 ◦C/60 min is referred to the (heat-treated) HT
state. In this view, therefore, the state of the materials after the annealing at 470 ◦C can be
understood as the as-prepared/initial state. The alloys after high temperature annealing
at 470 ◦C were also subjected to the subsequent natural ageing at RT. The HT + NA state
of the alloys means the alloys in the HT state after 3500 h (~146 days) of natural ageing
(NA). The HT + NA15000 state of the alloys means the alloys in the HT state after 15,000 h
(~625 days) of natural ageing. Summary of the states of the alloys is given in the Table 2.

Table 2. Summary of the heat treatment conditions (types of the annealing) and the marking of the
alloy states.

State of the Alloys Heat Treatment

HT 470 ◦C/60 min
470 ◦C/240 min 470 ◦C/240 min

HT + NA 470 ◦C/60 min + natural ageing for 3500 h
HT + NA15000 470 ◦C/60 min + natural ageing for 15,000 h

470 ◦C/240 min + NA 470 ◦C/240 min + natural ageing for 3500 h

The alloys in the different states were further characterized after the step-by-step
heat treatment to the different temperatures. The isochronal sequent heat treatment with
effective speed of 1 ◦C/min was performed either in the oil bath (up to 240 ◦C) or in
the furnace (above 240 ◦C). The immediate cooling into liquid N2 or water came after
the annealing step. The materials were kept in liquid N2 at 78 K after quenching until
measurements or other annealing started to avoid possible NA.

The (relative) electrical resistivity measurements were determined in liquid N2 bath at
78 K by means of the DC four-point method. The influence of parasitic thermo-electromotive
force was suppressed by current reversal with a dummy specimen in series. H-shaped
specimens machined to dimensions of ~2 mm × 9 mm × 90 mm were used for the re-
sistivity measurements; the length represents the gauge length. Vickers microhardness
(HV0.5) testing (specimens machined to dimensions of ~20 mm × 20 mm × 20 mm) was
performed in Wolpert Wilson Micro Vickers 401MVD (Wilson Instruments, Canton, MA,
USA) at ~5 ◦C to avoid possible NA. Detailed information about electrical resistivity and
microhardness HV0.5 measurements is described in References. [19,25].

Thermal properties were studied using differential scanning calorimetry (DSC) per-
formed in Netzsch DSC 204 F1 Phoenix apparatus (NETZSCH-Gerätebau, Selb, Germany)
at heating rates of 1–20 ◦C/min up to 400 ◦C. A material of diameter 2–4 mm and of mass
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12–18 mg was placed in Al2O3 crucibles and measured in a dynamic nitrogen atmosphere
(20 mL/min).

Powder X-ray diffraction (XRD) in symmetric Bragg–Brentano geometry of the HT
state of the alloys (surface area of ~4 cm2) was carried out on a vertical powder θ-θ
diffractometer D8 Discover (Bruker AXS, Karlsruhe, Germany) using CuKα radiation with
a NiKβ filter at 40 kV and 40 mA from 15◦ to 90◦ (0.02◦ per step). The measurement was
performed at RT.

Positron annihilation spectroscopy (PAS) was employed for positron lifetime (LT)
evolution during natural ageing of the HT state of the 7075 and 7075-ScZr alloys (surface
area of ~1 cm2). PAS studies were done at −50 ◦C using a 22Na positron source (activity of
~1 MBq) sealed between 5 μm thick Ti foils. One measurement lasted about 2 days. A digital
spectrometer with time resolution of 145 ps [43] was employed for LT measurement.
Detailed information about LT and XRD measurements is described in References [19,20,44].

Corrosion characteristic were studied by potentiodynamic polarization experiments
which were carried out using auto range Wenking M Lab Potentiostat (controlled by a com-
puter, Institut für Materialprüfung und Werkstofftechnik, Clausthal-Zellerfeld, Germany).
Fresh surfaces of specimens for corrosion testing were obtained by grinding using 1200 grit
SiC papers. Specimen with surface area of ~1 cm2 was immersed in 0.1 M NaCl aqueous
solution for 15 min prior to polarization, by which time a stable potential (OCP) was
obtained. Saturated calomel electrode was used as s reference electrode. Polarization was
obtained by scanning from 500 mV more negative than OCP at rate of 20 mV/min. The
measurements were performed at RT.

The surface topography of the HT state of the alloys (surface area of ~4 cm2) was
gauged employing an Atomic Force Microscopy (AFM) Solver Pro-M (NT-MDT, Moscow,
Russia) in the semi-contact mode. Microstructure pictures were recorded with the fre-
quency of 0.7 Hz and the resolution 256 × 256 pixels. The measurements were realized
using high-resolution etalon PHA_NC type cantilevers (Au coating, cone angle less than
22◦; resonant frequency 140 kHz and force constant 3.5 N/m). Microstructure observations
of the materials were observed by disposing transmission electron microscopy (TEM), JEOL
JEM-2000FX microscope (JEOL, Tokyo, Japan), and scanning electron microscopy (SEM),
MIRA I Schottky FE-SEMH microscope (TESCAN ORSAY HOLDING, Brno-Kohoutovice,
Czech Republic). The analysis of precipitates was carried out by energy-dispersive spec-
troscopy (EDS) using an X-ray BRUKER microanalyzer (Bruker AXS, Karlsruhe, Germany).
The specimens for TEM and SEM were annealed by the same procedure (isochronal sequent
annealing with effective speed of 1 ◦C/min) as the specimens for electrical resistivity and
microhardness HV0.5 measurements.

3. Results and Discussion

3.1. Heat-Treated (Initial) State of the Alloys

Characterization of the microstructure of the heat-treated (initial) state of the materials
is very complex, as it is presented below. The HT alloys contain eutectic phases at grain
boundaries; eutectic volume fraction was observed comparable for both alloys—an overview
is shown in Figure 1. Figure 2 presents TEM picture of the eutectic phase(s) and the
Mn,Fe,Si-containing particle at grain boundary of the 7075-ScZr alloy. Eutectic boundary
phases and their composition in the alloy containing Sc–Zr addition were determined by
EDS match as the MgZn2 phase and S-phase (Al2CuMg). Although electron diffraction
(ED) was not sufficiently conclusive, it can be assumed in the light of our previous research
in the hot-deformed 7075(-ScZr) alloys (see References [15,20]) that the Mn,Fe,Si-containing
particle is very likely the primary cubic λ-Al(Mn,Fe,Si) phase. The presence (indirectly
also the composition) of the eutectic phases was confirmed by XRD, see Figure 3. In these
measurements another phase was proved: T-phase (the phase belongs to the Al2Zn3Mg3 or
Mg32(Al,Cu,Zn)49 structural type of phases). The same eutectic phase in the as-cast and hot-
deformed state of the Al–Zn–Mg–Cu-based alloys was observed—see References [15,19,20].
With respect to the TEM and EDS results, it can be assumed that the MgZn2 phase is also
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distinguishable in the XRD results, although the peaks of this phase are very weak and
may be affected by the background. In view of results obtained by XRD, it can be said that
the content of primary Mn,Fe,Si-containing particles observed by TEM may be relatively
small and inhomogeneous.

The Sc,Zr-containing particles that correspond to the primary phase were also revealed
in the 7075-Sc,Zr alloy in the HT state in several grains (Figures 1 and 4). Although
the structure of the Sc(Zr)-containing particles is greatly dependent on the composition
(and heat treatment routes), very similar structure (square and polygonal shapes) of the
primary Sc,Zr-containing particles was detected in the Al–Mg–Sc-based [45–47] and Al–
Zn–Mg–Sc-based alloys [15,19,20,48]. Figure 4 shows an AFM image according to the
EDS observation of a selected primary Al3(Sc,Zr)-phase particle in the 7075-ScZr material.
In contrary to the primary Al3Sc particles (References [45–47]), where a deep hole in the
center surrounded by an area of several shell-like layers characterized by variant depths
was proved, the incoherent Sc,Zr-containing particles detected here have heights falling
in the interval of about 200–300 nm. Thus it can be concluded that significant altitude
difference of the layers of the primary Sc-containing particles (References [45–47]), the
inner central pothole, the less deep profound interlayer, the same profound of the inner
convex layer around the pothole, and the marginal layer can be induced by different
resistance of various layers of the primary particles to the electro-polishing before AFM
observation. The surface of specimens for AFM observations was prepared only by a
standard metallographic mechanical polishing and no electro-polishing was applied. It is
therefore questionable whether electro-polishing connected with possible selected erosion
in the sample preparation for the characterization of the Al-based materials with Sc–Zr
addition by AFM should be avoided. However, this conclusion would require a more
detailed examination which is not the subject of this work.

Formation of the coherent secondary Al3(Sc,Zr) particles (L12/cP4 structure) with the
size of 10–50 nm predominantly situated in grain interiors and denuded zones created
along boundaries of the grains were also revealed in the heat-treated 7075-ScZr alloy
(Figure 5). The particle dispersion shows a typical contrast of “the coffee bean”. ED pattern
of the L12-structured precipitates is shown as inset in Figure 5. No precipitates other than
the Al3(Sc,Zr) were observed inside grains by TEM, which means that other phases (if any)
inside grains have very low volume fraction. Compared to the as-cast state of the alloys
(see Reference [19]), it means that the high-temperature annealing (isothermal annealing at
470 ◦C/60 min) is sufficient to dissolve the precipitates from the Al–Zn–Mg–Cu system
inside grains, but at the same time the particles from the Al–Sc–Zr system can precipitate.

  

(a) (b) 

Figure 1. Microstructure overview (SEM images) of the HT state: (a) The 7075 alloy; (b) the
7075-ScZr alloy.
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(a) (b) 

Figure 2. TEM image of the heat-treated 7075-ScZr alloy: (a) Eutectic phase(s); (b) coarse Mn,Fe,Si-
containing particle.

Figure 3. XRD diffraction patterns of the heat-treated 7075 and 7075-ScZr alloys with identified phases.

 

Figure 4. AFM images of the incoherent primary Sc,Zr-containing particle: (a,b) 3D topography;
(c) phase shift image and (d) the height profile in the middle section of the particle (cross-section).
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Figure 5. Microstructure image (TEM, [110]Al orientation) of the coherent secondary Al3(Sc,Zr)
particles and denuded zones in the 7075-ScZr alloy, ED pattern in the inset.

3.2. Natural Ageing of the Heat-Treated Alloys

Time evolution of the mean LT of positrons and microhardness ΔHV0.5 values of the
alloys during natural ageing is shown in Figure 6. The mean LT behavior (Figure 6a) is
comparable for both alloys. It can be divided into three individual stages: Up to 500 min an
LT increase (stage I), then from 500 min up to ~1980 min (33 h) a roughly constant values
of the LT (stage II), and above ~33 h a decrease of the LT (stage III). It can be also seen that
the LT values for the 7075-ScZr alloy are higher than those for the 7075 alloy without Sc–Zr
addition. Microhardness HV0.5 values (Figure 6b) increase immediately from the beginning
of the natural ageing. The initial absolute HV0.5 value of the 7075 alloy (HV0.5 ≈ 70) is
significantly lower than the 7075-ScZr alloy (HV0.5 ≈ 95). The microhardness values
of the alloys reflect the Sc–Zr addition. This can be also seen from Table 3, where the
microhardness HV0.5 values and absolute electrical resistivity ρ values (measured at
temperature of liquid N2—78 K) after different heat treatment are given: The state after
heat treatment at 470 ◦C/240 min and the HT state (470 ◦C/60 min); and both states
after the subsequent natural ageing (33,450 and 3500 h). Presence of the secondary phase
from the Al–Sc–Zr-based alloys caused typical hardening effect as ΔHV ≈ 20–40, see
References [15,19,20,25]. Comparable strengthening caused by co-presence of the primary
incoherent and secondary coherent Sc,Zr-containing particles was observed in the deformed
Al–Zn–Mg–Cu-based alloys with Sc–Zr addition [15,19,20]. Thus the presence of these Sc,Zr-
containing particles is a probable reason for higher microhardness HV0.5 of the studied
7075-ScZr alloy. Table 3 also confirmations that no significant differences are between the
values for the comparable states (cf. the state after annealing at 470 ◦C/240 min and the HT
state). A difference in microhardness ΔHV0.5 values and resistivity Δρ values between the
7075 and 7075-ScZr alloys is similar within the error through the natural ageing regardless
of the annealing time at 470 ◦C. According to the microstructure observation of the alloys
(see above), this also justifies the claim that the heat treatment at 470 ◦C/60 min is sufficient
for the Al–Zn–Mg–Cu system.
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(a) (b) 

Figure 6. The evolution during natural ageing of the 7075 and 7075-ScZr alloys: (a) Mean LT values; (b) microhardness
changes ΔHV. Vertical dashed lines indicate individual stages I–III.

Table 3. Values of microhardness HV0.5 and electrical resistivity ρ in the different state of the 7075 and 7075-ScZr alloys after different
heat treatment and during subsequent natural ageing (NA) after 33, 450, and 3500 h.

Alloy Heat Treatment
HV0.5 ρ (nΩ·m)

Initial State NA 33 h NA 450 h NA 3500 h Initial State NA 33 h NA 3500 h

7075 HT state 70 ± 3 117 ± 2 134 ± 3 145 ± 2 27 ± 1 35 ± 1 36 ± 1
7075 470 ◦C/240 min 66 ± 6 115 ± 2 134 ± 2 144 ± 4 - - -

7075-ScZr HT state 95 ± 4 139 ± 5 155 ± 6 168 ± 3 26 ± 1 33 ± 1 34 ± 1
7075-ScZr 470 ◦C/240 min 94 ± 4 138 ± 5 154 ± 4 167 ± 2 - - -

By two exponential components the LT spectra of all samples studied can be well
described. Lifetimes τ1 and τ2 of the constituents and relative intensity I2 of the longer
constituent are plotted in Figure 7a,b, respectively. The shorter constituent with the life-
time τ1 comes from free positrons (not captured in defects). The longer constituent with
τ2 ≈ 220 ps can be ascribed to the positrons captured at solute (co-)clusters in the alloys [20].
The lifetime τ2 is comparable in both 7075 and 7075-ScZr alloys. This indicates that both
alloys contain similar type of solute (co-)clusters. Note that LT component with similar
lifetime τ2 was observed also in these alloys subjected to hot deformation [20]. Our previ-
ous CDB investigations revealed that these clusters contain mainly Mg and Zn solutes [20].
It also has to be mentioned that coherent secondary as well as primary Al3(Sc,Zr) particles
do not trap positrons [19,20] but the Sc–Zr addition in the alloys can affect the development
of the other phases (e.g., non-eutectic phases of the Al–Zn–Mg-based system [20]).

Positron annihilation spectroscopy (PAS) investigations of the Al–Zn–Mg-based alloys
indicated that the interaction between solute atoms and vacancies has an influence on (co-
)clusters/GP zones [19,20,25]. Parallel to PAS observations in the Al–Mg–Si-based [49–51]
and Al–Zn–Mg–Cu-based alloys [19,20] one can conclude that immediately after high
temperature treatment (solution treatment) the studied alloys contain vacancies associated
with single and/or multiple Zn- or Mg-solutes and/or Zn,Mg(-co)-clusters developed
during quenching. These solute (co-)clusters further evolve in the course of natural ageing.
Owing to the strengthening effect of the (co-)clusters, the microhardness HV0.5 of the 7075
and 7075-ScZr alloys increases continuously during ageing at RT which is probably due to
growing and development of these solute (co-)clusters in analogy with Al–Zn–Mg-based
alloys (e.g., References [25,52,53]).
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Figure 7. The evolution of: (a) The lifetimes τ1 and τ2; (b) the intensity I2 of the HT state of the alloys
subjected to natural ageing.

The intensity I2 in the 7075-ScZr sample is lower than in the 7075 alloy. It indicates
that the Sc–Zr addition has a slight negative influence on the concentration of solute
(co-)clusters. Si, Cu or Mg solutes are most probably bound to Sc and Zr solutes and/or
to the (secondary) Al3Sc(Zr) particles. This presumed conclusion is further supported by
the fact that that the 7075-ScZr sample, i.e., the alloy with lower concentration of solute
(co-)clusters, also exhibits slightly lower changes in microhardness HV0.5, see Figure 6b.
However, it is also not possible to eliminate mutually different supersaturation in the
solid solution.

The majority of positrons is trapped in solute (co-)clusters (I2 > 80%) already after the
heat treatment at ~470 ◦C. It means that solute (co-)clusters were formed already during
quenching of the sample. In the course of natural ageing the concentration of solute clusters
increases in the stage I. This is reflected by an increase of I2 in the stage I which reaches
maximum in the stage II. A long term natural ageing (stage III) leads to a decrease of I2 due
to agglomeration of solute (co-)clusters into bigger objects ((precursors of the) GP zones).
This results in an increase of the mean distance between clusters and thereby a decrease of
their density.

Taking into account the behavior of the constituent (especially Zn, Mg, and Cu) at tem-
peratures from RT to ~80 ◦C [20] and the calculated contribution of the solute concentration
to the resistivity of Al (e.g., References [1,54,55]), the resistivity development during natural
ageing is mainly associated with the change of Zn and Mg concentrations in the Al matrix.
In the first approximation it can be assumed that the (co-)clusters/GP zones are composed
of Zn and Mg atoms in a ratio of: (a) 1:1; (b) 1:2, see e.g., References [10,15,17,19–33,56–58].
If we assume this, then the resistivity Δρ changes in the HT + NA state (after natural ageing
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up to 3500 h), Δρ ≈ 8 nΩ·m, see Table 3, would correspond to the decrement of Zn- and
Mg-concentration in the matrix: (a) ΔCZn,Mg ≈ 0.7 ± 0.1 at.%; (b) ΔCZn ≈ 0.8 ± 0.2 at.%
and ΔCMg ≈ 0.4 ± 0.1 at.%. This decrement reasonably implicates that the changes in
resistivity, microhardness and PAS characteristics can be attributed to the process of the for-
mation/coarsening of the (co-)clusters/GP zones. These conclusions suitably complement
the findings obtained through PAS.

In addition to microstructural characterization during the natural ageing, the corrosion
characteristics of the alloys in the HT + NA state (natural ageing after 3500 h) were
studied. The results of the potentiodynamic polarization are shown in Table 4 and Figure
8. The 7075-ScZr alloy has a higher corrosion potential Ecorr than the 7075 alloy without
Sc–Zr addition. A comparable difference of the ΔEcorr ≈ 28 mV caused by the Sc–Zr
addition was measured in our previous study in the hot-rolled alloys with the comparable
composition, see Reference [15]. In the studied 7075 and 7075-ScZr alloys the passivation
region, where the corrosion current kept almost the same value ΔEcorr (see Table 4), was
observed, which means that passive films were formed on the surfaces. A lower value
of corrosion current density Icorr in the 7075-ScZr alloy (2.23 μA/cm2) indicates a better
corrosion resistance and a slower corrosion rate (~0.0243 mm/a) than for the 7075 alloy
(2.96 μA/cm2 and ~0.0322 mm/a). For the studied alloys it can be concluded that the
positive influence on corrosion properties is (probably) mainly caused by the Sc–Zr addition.
Although corrosion measurement results can be found on many Al-based alloys, there
are really very few detailed electrochemical measurements on the Al(–Sc)–Zr-based alloys
(e.g., References [41,42,59–62]) and even less on the alloys of this type (7xxx series) with
Sc and Zr elements in the available literature. In addition to our previous study in the
hot-rolled alloys with comparable composition [15], the observed results are in agreement
with Reference [62] where better corrosion resistance (especially slower corrosion rate and
lower corrosion current density) was measured by electrochemical measurements for the
AlZnMgCuScZr alloy than for the AlZnMgCu alloy in the EXCO testing solution.

Table 4. Corrosion characteristics of the HT + NA (3500 h) alloys obtained by potentiodynamic
polarization measurements (measured at RT) in the 0.1 M NaCl solution. WL represents weight loss,
CR corrosion rate, Icorr corrosion current density and Ecorr corrosion potential.

Alloy Icorr (μA/cm2) WL (g/m2/d) CR (mm/a) Ecorr (mV)

7075 2.96 ~0.238 ~0.0322 −1154
7075-ScZr 2.23 ~0.180 ~0.0243 −1125

Figure 8. Potentiodynamic polarization diagram (measured at RT) in the 0.1 M NaCl solution.
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3.3. Phase Development during Isochronal Annealing

The ageing processes in the Al–Zn–Mg–Cu-based alloys are complex and the decom-
position of supersaturated solid solutions obtained by quenching takes place in several
formation steps [15,19,20,24,63,64]. Typically, the precipitation of the (co-)clusters, precur-
sors of the GP zones, and coherent GP zones precedes the formation of the semicoherent
intermediate precipitates and incoherent equilibrium precipitates during isochronal anneal-
ing [15,19,20,25,65–67]. The early precipitation stages in these alloys are abundant and can
have a significant influence the resistivity and (micro)hardness development during the
natural ageing and/or the beginning of the annealing [25,30,49,52,53]. Isochronal resistivity
(Δρ/ρ0) and microhardness annealing curves of the HT alloys are presented in Figure 9.
Electrical resistivity decrease in two stages (1-stage up to ~140 ◦C and 2-stage between
140 ◦C and 280 ◦C). Then the electrical resistivity is nearly constant (3-stage) and after
annealing at temperatures higher than ~360 ◦C (4-stage) increases insignificantly. 1- and
2-stages of the resistivity decrease are connected with a maximum hardening HV0.5 after
annealing up to 180–220 ◦C (Figure 9). The higher HV0.5 values of the 7075-ScZr in the
HT state is probably caused by the secondary/primary Al3(Sc,Zr)-phase particles (already
existed in the HT state—see Figures 4 and 5). The comparable effect on HV0.5 values due to
the presence of these particles is observed during natural ageing of the alloys (see Table 3).

 

Figure 9. Isochronal annealing curves of relative resistivity changes and microhardness HV0.5 changes
with standard deviation of the HT alloys.

The microhardness isochronal curves for the HT + NA (natural ageing for 3500 h)
alloys and the 7075-ScZr alloy heat treated at 470 ◦C/240 min after natural ageing (NA)
for 3500 h are given in Figure 10. The microhardness values of the 7075-ScZr alloys are
comparable for both alloys (heat treatment at 470 ◦C/60 min and 470 ◦C/240 min) after
natural ageing. This indicates that the annealing at 470 ◦C/60 min is sufficient for the
Al–Zn–Mg–Cu system, as stated above. The initial microhardness HV0.5 values of the HT +
NA alloys in comparison with the HT alloys without NA (compare Figures 9 and 10) reflects
the presence of the (co-)clusters/precursors of the GP zones developed during natural
ageing. The HV0.5 values decrease to a local minimum at ~90 ◦C. The temperature range
of the hardening peak can be observed at 150–210 ◦C. It is seen that the Sc–Zr addition
has almost no effect on microhardness changes at 210–330 ◦C. But after that the HV values
of the alloy with the Sc–Zr addition after only a slight decrease reach constant course
in contrast to the continual decrease of the 7075 alloy. The ΔHV0.5 difference between
7075 and 7075-ScZr alloys at the end of annealing is nearly HV0.5 ≈ 20 microhardness
development of the alloys studied reflects the Sc–Zr addition, again.
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Figure 10. Isochronal annealing curves of microhardness HV0.5 changes with standard deviation
of the HT + NA alloys and 7075-ScZr alloy heat treated at 470 ◦C/240 min after natural ageing for
3500 h.

Out of the comparison of the microhardness and electrical resistivity changes anneal-
ing curves of the studied materials up to ~140 ◦C (Figures 9 and 10) it could be assumed
that the precursors of the GP zones and/or GP zones are formed in the HT alloys during
the isochronal annealing. This process is connected with microhardness and electrical resis-
tivity increase at the 1-stage. Despite this fact, the precursors of the GP zones and/or GP
zones are dissolved first in the HT + NA alloys. This dissolution leads to the microhardness
decrease (up to ~100 ◦C). The results are in an agreement with the measurements of the
Al–Zn–Mg(–Sc–Zr) alloys in our previous study (see Reference [25]).

Figure 11 shows microstructure of the 7075-ScZr alloy in the HT state (without NA)
after isochronal heat treatment up to 220 ◦C, where the dense particle dispersion can be seen.
Thus the main resistivity decrease (2-stage) and microhardness increase (140–220 ◦C) in the
alloys studied are due to the precipitation of these particles. According to the literature
(e.g., References [15,19,20,31–33]), the following phases in this temperature range come
into consideration: (a) Metastable η’-phase (hexagonal, a = 0.496 nm, c = 0.935 nm or bcc,
a = 1.422 nm, MgZn2) [19,20,25,32,33]), (b) non-eutectic stable T-phase (bcc, a = 1.435 nm,
Al2Zn3Mg3 and/or Mg32(Al1−xZnx)49) [20,25,31], (c) GP zones (hexagonal, a = 0.496 nm,
c = 0.935 nm or bcc, a = 1.422 nm) [19,20,25,31,32]. Figure 12 shows the diffraction patterns
from different grains of the 7075-ScZr alloy after isochronal heat treatment up to 220 ◦C
taken near: (a) [110]Al and (b) [111]Al orientations. Figure 12a contains weak spots assigned
to the secondary Al3(Sc,Zr)-phase particles, GP zones and non-eutectic T-phase particles.
This is in conformity with recently published results, see References [19,20,31,32,58]. On the
contrary, Figure 12b also shows weak spots which can be assigned to metastable η′-phase
particles (see References [25,32,33]) and to the GP zones and secondary Al3(Sc,Zr)-phase
particles [19,25,57,67]. Although the presence of the GP zones, T-, η′- and Al3(Sc,Zr)-phase
particles has been demonstrated in electron diffraction (Figure 12), the individual types of
the particles could not be easily recognized in conventional TEM image thanks to the high
density of the particles (Figure 11). One can therefore mention that the phase composition
is different in different places of the samples even after heat treatment.
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Figure 11. Microstructure (TEM) of the 7075-ScZr alloy (near [110]Al orientation) annealed up to 220 ◦C.

  
(a) (b) 

Figure 12. SAED pattern of the 7075-ScZr alloy after isochronal heat treatment up to 220 ◦C: (a) Near
[110]Al orientation with weak spots from the GP zones, T-phase and Al3(Sc,Zr) phase; (b) near [111]Al

orientation with weak spots from the GP zones, η’-phase and Al3(Sc,Zr) phase.

SEM and TEM observation of the 7075-ScZr alloy in the HT state after isochronal heat
treatment up to 440 ◦C proved a coarsened secondary Sc,Zr-containing phase particles—
see Figure 13. A volume fraction and composition of the eutectic grain boundary phase
stay unmodified and the grain size does not vary in comparison to the initial HT state of
the alloys (see above Chapter 3.1.). Furthermore, the Zn,Mg-containing (co-)clusters/GP
zones and other phases (T-phase, η’/η-phase) disappeared during the isochronal annealing
up to this temperature. The dissolution of these phases is mainly connected with the
resistivity increase above ~360 ◦C (see Figure 9). At temperatures above ~240 ◦C, particle
precipitation of the η-phase and S-phase was proved in the Al–Zn–Mg–Cu-based systems,
e.g., see References [20,25]. This precipitation is a probable explanation of the undulating
of the electrical resistivity curves in the 3-stage (Figure 9) and microhardness HV0.5 curves
(Figures 9 and 10) at a temperature range of 250–350 ◦C. One can also conclude that the
annealing is sufficient for homogenization of the Al–Zn–Mg–Cu-based system, but it is
insufficient for the Al–Sc–Zr-based system, again. Microhardness development of the all
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alloys studied (Figures 9 and 10) reflects the Sc–Zr addition at temperatures above ~300 ◦C.
Assuming the presence of the primary and secondary Al3(Sc,Zr)-phase particles it can
be also concluded that the yield strength cannot be captured as a linear superposition of
several strength contributions. This conclusion is in an agreement with other observations
in commercial 2xxx, 6xxx and 7xxx alloys, see References [20,25,65,67–69].

 

Figure 13. Microstructure (TEM) of the 7075-ScZr alloy after isochronal annealing up to 440 ◦C:
Particles of the secondary Sc,Zr-containing phase with L12 structure (ED pattern of [100]Al zone in
the inset).

3.4. Thermal Properties of the Alloys

Due to the acquired additional characteristics about the kinetics of phase development
in the 7075(-ScZr) alloys in the different states, the apparent activation energy of the thermal
processes by using DSC were calculated. The following states of the 7075 and 7075-ScZr
alloys were used for the thermal study: HT, HT + NA (3500 h at RT) and HT + NA15000
(15,000 h at RT). Figure 14 shows, for clarity only, selected DSC thermographs up to 400 ◦C
for one heating rate (5 ◦C/min). The curves mainly differ due to natural ageing (the HT
state vs. HT + NA state and HT + NA15000 state). One endothermic effect marked B and
five exothermic effects marked A, C–F (see Figure 14) are shown in the DSC curves of
the samples.

Figure 14. Selected DSC curves (5 ◦C/min) of the 7075 alloy in the HT state and the 7075-ScZr alloy
in the HT, HT + NA, and HT + NA15000 state.
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Table 5 shows characteristic temperatures Tm of a DSC peak of maxima/minima of
the thermal effects A–E in the alloys studied in the HT and HT + NA state. The exothermic
effect C in the HT + NA state and the effect F in all the alloys studied were very often too
weak to be analyzed through the materials studied, so they are not listed in Table 5.

Table 5. Characteristic temperatures Tm of a DSC peak of maxima/minima of the thermal effects
A–E of the 7075 and 7075-ScZr alloys in the HT and HT + NA state.

Effect/Alloy 1 ◦C/min 2 ◦C/min 5 ◦C/min 10 ◦C/min 20 ◦C/min

Effect A (7075 HT) 58 63 72 83 90
Effect A (7075-ScZr HT) 58 63 72 84 91
Effect B (7075 HT + NA) 106 110 118 126 141

Effect B (7075-ScZr HT + NA) 104 110 118 127 142
Effect C (7075 HT) 165 177 191 201 209

Effect C (7075-ScZr HT) 165 178 189 198 -
Effect D (7075 HT) 208 219 231 239 255

Effect D (7075-ScZr HT) 207 219 230 241 255
Effect D (7075 HT + NA) 207 217 231 242 249

Effect D (7075-ScZr HT + NA) 208 216 229 239 250
Effect E (7075 HT) 237 255 263 277 295

Effect E (7075-ScZr HT) 237 254 265 276 294
Effect E (7075 HT + NA) 240 254 267 277 298

Effect E (7075-ScZr HT + NA) 238 256 265 277 292

The apparent activation energies Q of the observed effects A–E (see Table 6) were
determined by the Kissinger method [24,70] based on the data obtained from the DSC
curves (Table 5) and the knowledge that the characteristic temperatures Tm correspond to
the maxima (minima) of the observed process and maximum process speed of the observed
effect, respectively. Then the activation energies Q for the individual thermal effects are
determined by a linear regression, i.e., ln(δ/Tm

2) plotted vs. 1/Tm, where δ is the heating
rate. Some activation energies were not calculated as a consequence of a low markedness
of the maximum heat flow (e.g., effect C for the HT + NA alloys).

Table 6. Activation energies Q of the thermal effects A–E determined by the Kissinger analysis of
DSC data.

Sample Effect (Process) Activation Energy Q (kJ/mol)

7075 HT

A (GP zones formation) 84 ± 6
C (η’-phase precipitation) 111 ± 6
D (T-phase precipitation) 130 ± 11
E (η-phase precipitation) 122 ± 9

7075-ScZr HT

A (GP zones formation) 81 ± 5
C (η’-phase precipitation) 113 ± 10
D (T-phase precipitation) 127 ± 10
E (η-phase precipitation) 124 ± 10

7075 HT + NA
B (GP zones dissolution) 103 ± 13
D (T-phase precipitation) 136 ± 5
E (η-phase precipitation) 122 ± 12

7075-ScZr HT + NA
B (GP zones dissolution) 100 ± 11
D (T-phase precipitation) 137 ± 5
E (η-phase precipitation) 130 ± 12

The exothermic effect A corresponds well to the hardening and resistivity decrease
(1-stage) up to ~140 ◦C of the HT alloys, see Figure 9. The endothermic effect B corresponds
well to the softening up to ~120 ◦C of the HT + NA alloys (Figure 10). The effect A obviously
corresponds to the production of (the precursors of) the GP zones, effect B to their dissolu-
tion, respectively. Given the available experimental options, it is not possible to distinguish

41



Metals 2021, 11, 8

between coarsening of the precursors of the GP zones ((co-)clusters) and the GP zones. The
activation apparent energy values of the effect B (~102 kJ/mol) are in a good agreement for
the dissolution of the GP zones, those reported in References [25,71–73]. The temperature
range of the dissolution is logically higher and activation energy values are logically also
higher than the values for the effect A (~82 kJ/mol)—the formation of the (co-)clusters/GP
zones [25,52,63]. The temperature range of the effect B (i.e., (co-)clusters/GP zones dis-
solution) is slightly influenced by the natural ageing time, cf. HT + NA state and HT +
NA15000 state in Figure 14. However, measurements on the HT + NA15000 sample were
made only once (at one heating rate only).

The exothermic processes C and D correspond well to the hardening with a maximum
at ~180 ◦C of the alloys in the HT and HT + NA state as well as the resistivity decrease
in the 2-stage (cf. Figure 9, Figure 10, and Figure 14). As the microscopy observation
by TEM at 220 ◦C is shown in Figures 11 and 12, these effects C and D can be assumed
to be associated with metastable η’-phase and non-eutectic stable T-phase particle pre-
cipitation. The activation energy of the effects C and D were calculated as ~112 kJ/mol
and ~133 kJ/mol, respectively. The calculated value for the precipitation of the η’-phase
particles in the studied alloys excellently agrees with the values for the precipitation of the
η’-phase determined in the Al–Zn–Mg-based alloys [25,72]. Although the data in literature
for the T-phase precipitation are usually not available, in our previous study [25] we
calculated the activation energy in the alloys with comparable composition without Cu
for this precipitation in the range of 128–168 kJ/mol. But the result was based only on a
few experimental points. Given the direct evidence using TEM (Figure 12) in this study, it
can be concluded that the effect D is very probably connected with the T-phase precipita-
tion. From the obtained results it can also be deduced that the formation of the η’-phase
particles is affected by natural ageing at RT similarly to the formation/dissolution of the
(co-)clusters/GP zones, while the T-phase precipitation is not affected by natural ageing.

The activation energy for the effect E is calculated as ~125 kJ/mol. The energy value
could not be determined for the effect F because a weak thermal process was detected only
for some heating rates. The calculated value of the effect E is in an agreement with literature
for the precipitation of the stable η-phase: 118–142 kJ/mol, see References [25,71–73].
Although there is no direct microscopic evidence, the temperature region of the effect
F corresponds very well to the temperature range (240–300 ◦C) of the precipitation of
irregular shape S-phase particles [20,25,58,74,75]. Conversely, formation of the η-phase
particles can occur below ~240 ◦C in the Al-based alloys [19,20]. Although the data in
the literature for this precipitation are insufficient, the calculated values indicate that
precipitation of the T-phase takes place by a different mechanism than the precipitation
of the stable η-phase. One can also conclude that Sc–Zr addition has a little effect on the
ongoing transformation processes, probably due to the fact that these elements are not in
solid solution, but in the Al3(Sc,Zr)-phase particles.

4. Conclusions

A detailed characterization of the phase development and age hardening of the heat-
treated commercial aluminum 7075(Al–Zn–Mg–Cu–Mn–Si–Fe(–Sc–Zr))-based alloys can
be stated in the following points:

• The microstructure of the initial (heat-treated) state of the alloys is very complex. The
observation proved that the eutectic phases consist of four types at ones: MgZn2
phase, Al2CuMg phase (S-phase), Al2Zn3Mg3/Mg32(Al,Cu,Zn)49 phase (T-phase) and
primary cubic λ-Al(Mn,Fe,Si) phase. In addition, two types of non-eutectic particles
in the alloys with Sc–Zr addition are present: Primary incoherent Al3(Sc,Zr) particles
with square and polygonal shapes and secondary coherent Al3(Sc,Zr) particles.

• The Sc,Zr-containing alloys cannot be completely homogenized due to these elements.
However, for the 7xxx-based system, a heat treatment above ~440 ◦C is sufficient
(unless eutectic phase is considered). It is not even possible to observe the differ-
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ence in characterization of the properties after the high-temperature annealing at
470 ◦C/60 min and 470 ◦C/240 min, respectively.

• Microhardness values reflect the Sc–Zr addition in the 7075-ScZr alloy. Strengthening is
caused by the presence of the primary/secondary Al3(Sc,Zr)-phase particles. Positive
influence on corrosion properties is also caused by the Sc–Zr addition.

• Single and/or multiple Zn- or Mg-solutes and/or Zn,Mg(-co)-clusters developed
during quenching immediately after high temperature treatment in the alloys. These
solute (co-)clusters further evolve in the course of natural ageing. This process causes
a significant increase in microhardness and electrical resistivity values. A long term
natural ageing leads to a coarsening of the solute (co-)clusters into bigger objects
(probably precursors of the GP zones).

• Addition of Sc and Zr has a slight negative influence on the concentration of solute
(co-)clusters. Si, Cu or Mg solutes are most probably bound to Sc and Zr solutes and/or
to the Al3Sc(Zr)-phase particles. However, in general it can be said that the co-presence
of the Sc- and Zr- elements have only a little effect on the phase transformations of the
Al–Zn–Mg–Cu system.

• Formation of the η’/η-phase is slightly suppressed in the alloys after natural ageing.
The dissolution of the precursors of the GP zones/GP zones is shifted to higher
temperatures depending on the time of natural ageing.

• The apparent activation energy values of the observed thermal processes were cal-
culated as: Formation of the precursors of the GP zones/GP zones: ~82 kJ/mol,
dissolution of the (co-)clusters/GP zones: ~102 kJ/mol, formation of the metastable
η’-phase: ~112 kJ/mol, formation of the stable T-phase: ~133 kJ/mol, formation of the
stable η-phase: ~125 kJ/mol.

• A combination of both precipitation sequences of the Al–Zn–Mg–Cu-based system
was observed in the studied alloys.
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19. Vlach, M.; Čížek, J.; Kodetová, V.; Kekule, T.; Lukáč, F.; Cieslar, M.; Kudrnová, H.; Bajtošová, L.; Leibner, M.; Harcuba, P.; et al.
Annealing Effects in Cast Commercial Aluminium Al–Mg–Zn–Cu(–Sc–Zr) Alloys. Met. Mater. Int. 2019, 1–10. [CrossRef]
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Abstract: In this work, the ageing of some Al-Mn-Cu-Be alloys was investigated in the temperature
range in which predominantly icosahedral quasicrystalline (IQC) precipitates can form. The alloys
were cast into a copper mould, directly aged (T5 heat treatment) between 300 and 440 ◦C for different
times. Afterwards, they were examined using scanning and transmission electron microscopy, X-ray
diffraction and hardness testing. The main aim of the work was to determine the conditions at which
a high number density of spherical icosahedral quasicrystalline precipitates can form. The highest
number density of IQC precipitates was obtained at 300 ◦C after prolonged ageing. The spheroidal
precipitates had a diameter less than 20 nm. The size of IQC precipitates increased with the increasing
temperature, and in addition, decagonal quasicrystalline precipitates appeared. The time to maximum
hardness decreased strongly with increasing ageing temperature. The IQC precipitates can form in a
fairly broad temperature range in Al-Mn-Cu-Be alloys and that by varying ageing temperature and
duration, rather different distributions of precipitates can be obtained. The presence of precipitates
caused rather strong aluminium alloys and fast work hardening during initial plastic deformation.

Keywords: aluminium; ageing; quasicrystal; transmission electron microscopy

1. Introduction

Quasicrystals were discovered in Al-Mn alloys [1]. Since an icosahedral quasicrystalline phase
(IQC) in these and similar alloys is metastable [2], the alloys have been predominantly fabricated by
rapid solidification and then, compacted [3]. Rapid solidification enables the formation of very small
particles, which can slightly coarsen during compaction, but a fine distribution of quasicrystalline
particles can provide high strength [4]. The alloying of Al-Mn alloys with Be, Ce, Si or Fe can stimulate
the formation of IQC particles during solidification with slower cooling rates [5–8], however, their sizes
are coarser, which decreases their strength and toughness.

A fine distribution of particles can be obtained by precipitation hardening, which is a typical
hardening process in many aluminium alloys [9–12]. There are several types of precipitates, which are
mainly metastable. According to the best of the authors’ knowledge, there are no commercial alloys
that would be mainly strengthened by icosahedral quasicrystalline particles. The manufacturing of
alloys with a high density of IQC precipitates may be a challenge and they can also have an interesting
combination of properties. The formation of IQC precipitates was observed in many Al-alloys. Hansen
and Gjonnes [13] found that the IQC phase formed during heat treatment of a high-Mn aluminium
alloy, and then, transformed to the cubic α-AlMnSi phase. Li and Arnberg [14] studied dispersoids in a
commercial 3003 alloy. Some icosahedral quasicrystal dispersoids were found to precipitate at the early
stage of precipitation. Mochugovskiy et al. [15] discovered IQC precipitates in an Al-3%Mg-1%Mn
alloy during annealing at 360 ◦C. Partly coherent IQC precipitates predominantly formed on the
dislocations and dislocation walls, and were relatively rare.
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The IQC precipitates were discovered also in an Al94Mn2Be2Cu2 alloy during in situ study of the
temperature stability of the IQC phase formed during solidification [16]. During further research, they
were found in samples heat-treated at 300 and 400 ◦C [17]. They did not form at 200 ◦C because of the
very low diffusivity of Mn. Instead, some precipitation of Θ’-Al2Cu was observed. The T-Al20Mn3Cu2

precipitates formed at 500 ◦C, which are also known from other alloys containing Cu and Mn [18].
The IQC precipitates in this alloy have primitive icosahedral structure (space group Pm35). They form at
least a semi-coherent interface with an aluminium matrix, and possess a specific orientation relationship
with it. All aluminium fourfold axes are parallel to three twofold axes of IQC, and at the same time
also, threefold aluminium axes are parallel with the threefold axes of IQC [17,19].

Since the precipitation of quasicrystalline precipitates takes place within a temperature range,
in which most aluminium alloys rapidly lose their strength, the alloys with quasicrystalline precipitates
may be used at high temperature application, e.g., produced by high pressure die-casting or single roll
casting, which have moderate cooling rates. One of the main prerequisites is the presence of sufficiently
high volume fraction of uniformly distributed IQC precipitates, which has not been achieved in
Al-alloys yet.

In our previous work, it was found out that icosahedral quasicrystalline precipitates can form in
Al-Mn-Cu-Be alloy during T5 heat treatment at 300 and 400 ◦C [17]. The IQC precipitate possessed
good matching with the Al-rich solid solution α-Al, and have a specific orientation relationship with
it [17,19]. It was also discovered that in the alloy Al-Mn-Cu-Be-Sc-Zr, plate-like decagonal quasicrystals
formed on the {001} planes of α-Al [19]. These suggested that the Al-Mn-Cu-Be alloys could be
used for precipitation hardening. In order to prove this, two Al-Mn-Cu-Be alloys with improved
chemical compositions were cast into copper moulds with different diameters to achieve cooling rates
250–600 ◦C/s and then, aged in the temperature range between 300 and 440 ◦C for different durations.
The primary aim of this investigation was to find the conditions at which a high density of spherical
icosahedral precipitates in an Al matrix can be obtained by T5 heat treatment (ageing of samples in
the as-cast condition). In addition, the properties of the stronger alloy at room temperature were
determined, as well as the microstructures after some degree of plastic deformation.

2. Materials and Methods

The compositions of the investigated alloys are given in Table 1. The manganese content is
essential for the formation of quasicrystalline phase during solidification. The addition of beryllium
enables formation of the quasicrystalline phase at lower cooling rates and also stimulates formation
of quasicrystalline precipitates. By the addition of copper, T-Al20Mn3Cu2 precipitates can form at
higher temperatures, and by application of T6 heat treatment, Cu-rich precipitates can be created.
The contents of alloying elements was decreased comparing to the previously studied Al-Mn-Cu-Be
alloy, in which IQC precipitates were determined [17].

Table 1. Chemical compositions of the investigated alloys after vacuum induction melting, as determined
by Atomic Emission Spectroscopy–Inductively Coupled Plasma (w—weight fraction in %, x—atomic
fraction in %).

Alloy No. Alloy w (Al) w (Mn) w (Be) w (Cu) x (Al) x (Mn) x (Be) x (Cu)

#1 Al96.5Mn0.8Cu1.2Be1.5 Remain 1.55 0.48 2.73 Remain 0.77 1.47 1.18
#2 Al95.4Mn1.8Cu1.6Be1.2 Remain 3.51 0.38 3.71 Remain 1.78 1.18 1.63

The alloys were vacuum induction melted using commercially available Al99.8, AlMn10, AlCu25
and AlBe5.5 master alloys into bars with diameters 20 mm, and sectioned to pieces of about 200 g.
The pieces were melted and cast into a copper block with a diameter of 110 mm and height of 120 mm,
with the casting temperature around 750 ◦C. The melt solidified in cylindrical holes engraved into
the copper block with the diameters of 4, 6 and 10 mm and lengths of 40 mm. The solidification rates
before beginning solidification, determined experimentally, were 580 ± 53, 510 ± 44 and 258 ± 31 K s−1
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for 4, 6 and 10 mm rod, respectively. After casting, the cast samples were aged artificially in the air
at temperatures from 300 to 440 ◦C for different times. This kind of heat treatment is designated
as T5 treatment. During T6 teat treatment, T-Al20Mn3Cu2 precipitates form on solution annealing,
and almost no alloying elements remain available for the formation of quasicrystalline precipitates
during ageing.

The basic metallographic analysis was done by Light Microscopy (Epiphot 300, Nikon, Tokyo,
Japan) and Scanning Electron Microscopy (Sirion 400 NC, FEI, Eindhoven, The Netherlands) equipped
with an Energy Dispersive Spectrometer (INCA x-sight, Oxford Analytical, Bicester, UK). Some
samples were investigated after final polishing with a diamond paste (1 μm) only. The samples were
etched with a methanol-iodine solution after ageing, which revealed the distribution of precipitates
in the microstructure and precipitation free zones [20]. The phase analysis was carried out by XRD
(X-ray Diffraction, Sincrotrone Elettra, Trieste, Italy) using synchrotron X-rays with a wavelength of
99.9996 pm. Lamellas for the Transmission Electron Microscopy (TEM) were prepared using a Focused
Ion Beam FIB (Helios, FEI, Eindhoven, The Netherlands). High-Resolution TEM (Titan3 G2 60–300,
FEI, Eindhoven, The Netherlands) and Energy-Dispersive X-ray Spectroscopy, EDS (SuperX, Bruker,
Billerica, MA, USA) were carried out in an probe corrected electron microscope. The compression test
was carried out by a quenching/deformation dilatometer (DIL 805A/D, TA Instruments, New Castle,
DE, USA) at room temperature, with the strain rate 0.05 s−1. The sample had 10 mm length and
diameter 5 mm. It was machined from the cast bar with a diameter of 6 mm. Two samples were
deformed to 0.09 and 0.4 true strain and investigated by TEM. Hardness was measured by a Zwick
3212 with a load of 0.1 kg (HV 1).

3. Results

3.1. As-Cast Condition

In samples with diameters 4 and 6 mm, the columnar α-Al grains with a cellular-dendritic
morphology prevailed. Some equiaxed grains were at the centres of the 10 mm in diameter samples.
The microstructures of all alloys in the as-cast condition consisted predominantly of three phases, α-Al
(Al-rich solid solution), icosahedral quasicrystal (IQC) and Θ-Al2Cu (Figure 1).

  

(a) (b) 

Figure 1. Backscattered electron micrographs of the gravitationally cast samples in the as-cast conditions
of (a) the alloy Al96.5Mn0.8Cu1.2Be1.5, (b) Al95.4Mn1.8Cu1.6Be1.2. Polished samples.

The primary dendritic IQC phase, with dendrite arms extending in the threefold directions, was
only present at the centre of the 10 mm sample in the alloy Al95.4Mn1.8Cu1.6Be1.2 (Figure 1b). The IQC
phase was present as a part of a (α-Al + IQC) binary eutectic (Figure 1). The Θ-Al2Cu phase was in the
interdendritic spaces as a heterogeneous constituent (α-Al + Θ-Al2Cu). The dendrite arm spacing and
the interdendritic areas increased with the specimen size.
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The XRD revealed the same phases in the as-cast state as SEM micrographs, α-Al, IQC and
Θ-Al2Cu (Figure 2a). The lattice parameters of the FCC α-Al were similar in all alloys and samples.
They were about 403.80 pm, which is 0.28% less than in pure Al (powder diffraction file pdf 000-04-0787).
This value indicates that the matrix was supersaturated with Cu and Mn, having the smaller atomic
diameters than Al (RAl = 143.2 pm, RMn = 136.7 pm, RCu 127.8 = pm). The calculated lattice parameter
of a(Al) would be 403.82 pm if we apply Vegard’s law and assume the maximum equilibrium solubility
of Cu and Mn in Al (Mn: 0.62 at. % [21] and Cu: 2.5 at. % [22]). Almost the same values of measured
and calculated a(Al) strongly suggest a high supersaturation of the matrix. The lattice parameters
of Θ-Al2Cu were nearly the same as in pure Θ-Al2Cu (pdf 000-89-198), pointing out that it did not
dissolve Mn or Be. The IQC phase exhibited wide peaks, arising from small particle sizes and the
presence of many defects in them. A strong peak at approximately 27.5◦ occurred in a 10 mm sample
of the alloy Al95.4Mn1.8Cu1.6Be1.2, which is designated by (!) in Figure 2a. Its presence testified the
existence of an additional phase at the sample centre, belonging probably to Al15Mn3Be2 [6] or any
other metastable phases found in Al-Mn-Cu alloys by Stan-Glowinska [23].

  

(a) (b) 

Figure 2. X-ray diffraction patterns of different samples and conditions of the Al95.4Mn1.8Cu1.6Be1.2

alloy. (a) The range between 10◦ and 35◦, and (b) the range between 10◦ and 20◦ that shows clearly the
positions and shapes of minor phases’ peaks.

The highly alloyed Al95.4Mn1.8Cu1.6Be1.2 attained the highest hardness in the as-cast state due
to the higher phase fraction of IQC and Θ-Al2Cu (Figure 3a). The hardness of smaller specimens
was much higher due to their finer microstructure with shorter secondary arm spacing, smaller
interdendritic spaces and finer IQC and Θ-Al2Cu particles (Figure 3b).

3.2. Heat Treatment

Figure 3 shows the ageing behaviour of the alloys after being heated from the as-cast state to
the ageing temperatures of 300 and 400 ◦C. The hardness dropped immediately after the beginning
of ageing in all cases. The hardness recovery started after several hours at 300 ◦C, and about after
half an hour at 300 ◦C. For the most alloys, the hardness attained the highest value approximately
after one week of ageing (168 h) at 300 ◦C and thereafter, did not change a lot. The maximum
hardness was attained after 1 h of ageing at 400 ◦C. Thereafter, only a slow decrease of hardness
was noticed. The hardness of the smaller samples (4 and 6 mm) was much higher than the 10 mm
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sample. The properties did not fall below the hardness in the as-cast condition, even after the longest
ageing times.

 
 

(a) (b) 

Figure 3. Hardness of the alloys in the as-cast state and after heat treatment. (a) Hardness of
different alloys aged at 300 ◦C (sample diameter 10 mm), (b) hardness of different samples of the alloy
Al95.4Mn1.8Cu1.6Be1.2 heat-treated at 400 ◦C. (#1—Al96.5Mn0.8Cu1.2Be1.5, #2—Al95.4Mn1.8Cu1.6Be1.2).

Figure 4 shows the backscattered electron micrographs of some alloys aged at 300 and 400 ◦C.
The primary and eutectic IQC particles hardly changed, while Θ-Al2Cu became more compact.
The micrographs at higher magnifications clearly showed that there were many precipitates in the
α-Al matrix. Their sizes were smaller than 100 nm. The images indicate that the particles have mainly
spherical shape, but it was difficult to discern more details from the SEM micrographs.

Heat treatment did not considerably change the XRD diffractograms (Figure 2). The aluminium
peaks moved slightly to smaller angles because the lattice parameters of α-Al increased to
404.48 ± 0.03 pm for all alloys and samples aged at 300 and 400 ◦C. The supersaturation with Cu and
Mn considerably decreased along with precipitation. The fraction of Θ-Al2Cu slightly decreased,
while its lattice parameters did not change. The positions and shapes of peaks in the 10 mm sample
of the alloy Al95.4Mn1.8Cu1.6Be1.2 remain almost the same, suggesting that the structure of primary
and IQC did not change. On the other hand, the peak at 15.20◦ became wider and moved to a higher
angle (indicated by the rectangle). This is a result of precipitation of IQC in the matrix that also has a
smaller lattice parameter than primary and eutectic IQC. Its value was about 0.46 [24], the same as in
binary Al-Mn alloys [25]. However, the IQC precipitates had a quasilattice constant of 0.35 nm in an
Al-Mn-Cu-Be-Sc-Zr alloy [19], and the same happened in this case.

For the TEM investigation, the 4 mm diameter samples of the alloy Al95.4Mn1.8Cu1.6Be1.2 were
chosen because they had the most uniform and finest microstructure. In addition, the hardness of these
samples was higher, indicating the highest values that can be achieved by heat treatment of castings.
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(a) (b) 

 
(c) (d) 

  
(e) (f) 

Figure 4. Backscattered electron micrographs of the alloys. (a,b) Al96.5Mn0.8Cu1.2Be1.5 and
(c,d) Al95.4Mn1.8Cu1.6Be1.2 aged at 300 ◦C for 168 h, and (e,f) the alloy Al95.4Mn1.8Cu1.6Be1.2 aged
at 400 ◦C for 1 h. The diameter of samples was 10 mm. The samples were etched using a
methanol-iodine solution.

Figure 5a shows the typical microstructure of a 4 mm sample. The cell diameters are 3–5 μm,
which is 2–3 times smaller than in the 10 mm samples. IQC and Θ-Al2Cu were at the cell boundaries
(Figure 5b,c). The precipitation free zone was around cell boundaries, and there was a high precipitate
density within the cells. Figure 6 shows precipitates in samples aged at 300 and 400 ◦C. At 300 ◦C,
a very high density of spheroidal precipitates formed that were smaller than 20 nm (16.9 ± 1.5 nm).
At some places, even three precipitates were one above another within the TEM lamella, which was
about 80–90 nm thick. In such cases, the distances between particle centres could be about 30 nm
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(Figure 6b). The interparticle distances were up to 50 nm elsewhere. At 400 ◦C, slightly larger
spheroidal particles were formed (26.4 ± 2.5 nm), accompanied by plate-like particles with the thickness
of 15.6 ± 3.0 nm, and the length 58.4 ± 7.6 nm. The interparticle distances were larger than at 300 ◦C.
No other precipitates (e.g., Cu-rich (Θ-Al2Cu, θ’ or θ”), T-Al20Mn3Cu or Be-rich precipitates) were
identified in the microstructure.

 
(a) 

  
(b) (c) 

Figure 5. (a) Bright field transmission electron micrograph of the alloy Al95.4Mn1.8Cu1.6Be1.2 after
ageing at 400 ◦C for 1 h; sample diameter 4 mm (PFZ—precipitation free zone). (b) EDS spectrum of
the eutectic IQC and (c) of Θ-Al2Cu.
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(a) (b) 

  
(c) (d) 

Figure 6. Bright-field TEM micrographs of the alloy Al95.4Mn1.8Cu1.6Be1.2 (a,b) heat-treated at 300 ◦C
for 168 h and (c,d) heat-treated at 400 ◦C for 1 h (orientation close to [001]-Al). Sample diameter 4 mm.
(IQC—icosahedral quasicrystal, DQC—decagonal quasicrystal).

3.3. Analysis of Icosahedral and Decagonal Quasicrystalline Precipitates

Figure 7a shows a HRTEM image of a spheroidal precipitate inα-Al. The EDS in TEM showed that it
consisted of Al, Mn and some Cu (Figure 7b). EDS was not able to reveal Be. The fast-Fourier-transform
(FFT) of the whole area showed the superposition of two patterns, which are shown separately in
Figure 7d,e. The distances between the peaks in the directions denoted by arrows were not the same,
and increased with the golden mean τ (Figure 7c,e). This clearly showed the quasicrystalline nature of
the spherical precipitates; their icosahedral quasicrystalline structure was identified in detail in the
previous works [16,17,19].
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(a) (b) 

 

 

(c) (d) 

 

 

(e)  

Figure 7. An icosahedral quasicrystalline (IQC) precipitate in Al95.4Mn1.8Cu1.6Be1.2 after ageing at
400 ◦C for 1 h. (a) A high-resolution scanning transmission electron image, (b) an EDS spectrum of the
IQC particle, (c) Fast Fourier transform (FFT) of all area, (d) FFT of Al-rich matrix, with the zone axis
[111], (e) FFT of the IQC particle, with the threefold zone axis

[
011010

]
.

A closer inspection showed that the threefold axis of the α-Al [111] was parallel to the threefold
axis of the IQC

[
011010

]
(indices according to Singh and Ranganathan [26]). The same orientation

relationship between α-Al and IQC was found in a melt-spun Al-Mn-Si alloy [27]. A quasilattice
constant of 0.35 nm was inferred, which is smaller than in the Al-Mn quasicrystal, calculated using the
Elser’s scheme [25]. HRTEM reveals that the IQC precipitate was not completely spherical but showed
tendency to faceting. This was also found by IQC particles formed during rapid solidification [28,29].
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IQC quasicrystals have predominantly shapes of pentagonal dodecahedrons, in which each facet has a
shape of a regular pentagon. Due to a high symmetry of icosahedral quasicrystal, the shape appears
spherical at lower magnifications.

The plate-like precipitates were identified as decagonal quasicrystalline precipitates (Figure 8a).
They also consisted mainly of Al, Mn, with a small amount of Cu (Figure 8b). Their predominant
habitus planes represented all three {001} planes of the α-Al. The FFTs of the HRTEM image showed
the orientation relationship between DQC and FCC matrix (Figure 8c–e). For a precipitate lying on the
(001) plane of the α-Al, its tenfold axis was parallel to the [010] direction of the α-Al, while its twofold
axis was parallel to the [100] direction of the α-Al. The same orientation relationship was also found in
the Al-Mn-Cu-Be alloys, containing Sc and Zr [19].

  

(a) (b) 

 

 

(c) (d) 

 

 

(e)  

Figure 8. A decagonal quasicrystalline (DQC) precipitate in Al95.4Mn1.8Cu1.6Be1.2 after ageing at 400 ◦C
for 1 h. (a) A high-resolution scanning transmission electron image, taken with a HAADF detector
(High-angle Annular Dark Field), (b) an EDS spectrum of the IQC particle, (c) FFT of the entire area,
(d) FFT of Al-rich matrix, with the zone axis [001], (e) FFT of the DQC particle along its tenfold axis.
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3.4. Compression Test and Microstructures of Deformed Samples

Figure 9 shows the stress–strain diagram of the alloy Al95.4Mn1.8Cu1.6Be1.2 at room temperature.
The yield stress σy is slightly above 300 MPa. At the beginning, the work hardening is very high, and
the alloy attained the highest true stress σm = 461 MPa at true strain ϕ = 0.1. The softening took place
up to ϕ ≈ 0.6. The final hardening occurred until the appearance of cracks on the specimen surface at
ϕ ≈ 0.8. The barrelling started to occur at a deformation of 0.4 but was rather slight (insert in Figure 9).
Thus, the value of the true stress at ϕ ≈ 0.8 should be up to 5% lower.

 

Figure 9. The compression test of the alloy Al95.4Mn1.8Cu1.6Be1.2 after ageing at 400 ◦C for 1 h, 6 mm
sample. The specimen after testing is shown.

Figure 10 shows TEM micrographs after compression for ϕ = 0.1, which is close to the maximum
on the compression curve. This deformation caused fracture of IQC and Θ-Al2Cu at cell centres
(Figure 10a). Darker regions in Figure 11b have higher dislocation density. The dislocations were
almost absent in PFZ and areas with lower precipitate density (Figure 10c), but much higher in the
areas with higher precipitate densities. In spite of good matching with the matrix, it is rather unlikely
that dislocations could cut the particles (Figure 10d). It is more probable that the Orowan mechanism
is responsible for the strengthening.

  
(a) (b) 

Figure 10. Cont.
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(c) (d) 

Figure 10. Bright field TEM micrographs of the alloy Al95.4Mn1.8Cu1.6Be1.2 aged at 400 ◦C for 1 h and
compressed with 0.09 true stress. (a) Deformed cells, (b) cell boundary with the precipitation free zone,
(c) areas with different precipitate densities, (d) an area, with a higher precipitate density.

  
(a) (b) 

  
(c) (d) 

Figure 11. Bright field TEM micrographs of the alloy Al95.4Mn1.8Cu1.6Be1.2 aged at 400 ◦C for 1 h and
compressed with 0.4 true strain. (a) Broken phases at a cell boundary, (b) an area inside a cell, (c) an
area, with a higher precipitate density, (d) an area, with a lower precipitate density.
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Figure 11 depicts TEM micrographs after compression for ϕ = 0.4. This deformation caused
fragmentation of IQC and Θ-Al2Cu formed during solidification (Figure 11a). The dislocations were
more uniformly distributed (Figure 11b), however, there was still higher density of dislocations in
regions with a higher precipitation density (Figure 11c,d).

4. Discussion

The supersaturation of the solid solution matrix with alloying elements and vacancies is a
prerequisite for the formation of precipitates during ageing [30]. By T5 treatment, an alloy is cooled
from an elevated temperature shaping process and then, artificially aged. In this investigation,
casting represented the elevated shaping process and supersaturation can be achieved by sufficiently
fast cooling from the liquid state, which can cause the fine microstructure besides supersaturation.
The examination revealed the formation of a metastable IQC phase during solidification. The samples of
all alloys with diameters from 4 to 10 mm have the same lattice parameters in the as-cast state, indicating
similar supersaturation with Cu and Mn, which was close to their maximum equilibrium solubility in
α-Al. This suggests the similar attainable volume fraction of precipitates in all alloys. Further increase
of supersaturation can be achieved by rapid solidification, but not by typical casting processes. The Be
content is essential for the formation of the quasicrystalline phase during solidification with the cooling
rates obtained in the copper mould (250–600 K s−1). It is incorporated in the IQC phase in rather high
amounts [24,31].

The equilibrium intermetallic phases at ageing temperatures of the investigated alloys are
expected to be Θ-Al2Cu and τ1 from the ternary Al-Mn-Cu system [32], while Be should be found in
Be4Al(Cu,Mn) [24]. None of these phases appeared during ageing. The microstructure hardly changed
at the ageing temperatures, indicating that only a small amount of primary phases dissolved. Thus,
only the elements already present in the solid solution could contribute to the precipitation. The ageing
temperature was above the solvus lines for GP zones, Θ” and Θ’ Cu-rich precipitates [22]. There were
no rod-like T-Al20Mn3Cu2 that could be as well formed in Al-Mn-Cu-Be alloys at higher temperatures
and in many other Al-alloys containing Cu and Mn [17,33].

The dominant phase that occurred in the studied temperature range was IQC. A high-resolution
electron image (Figure 7a) showed excellent matching with α-Al, which was found also in other
investigations [16,17,19]. Good matching between quasicrystalline and periodic crystals was found in
many systems by Singh and Tsai [34–36], which is based on a high symmetry of IQC that can allow
good correspondence between different planes of IQC and periodic crystals. Good matching also
lowers the interfacial energy. In this alloy, the faceting tendency of IQC precipitates with a diameter of
only 25 nm was observed. It is likely that they adopt a shape of pentagonal dodecahedron, which is
surrounded by high density pentagons, further decreasing the surface energy. The spheroidal shape of
IQC precipitates also implies low deformation energy by their formation. IQC precipitates have been
found in many Al-alloys [14,15,37], however, their number density was rather low. It is believed that
Be plays an important role by the formation of IQC precipitates. Beryllium was found at the centre
of the IQC phase formed during the solidification, because it stimulates the icosahedral order in the
melt [31]. It seems highly probable that Be acts in an analogous way in the solid state and initiates the
formation of the quasicrystalline precipitates. Its atomic diameter (R = 111.3 pm) is about 22% less than
Al. When a Be atom substitutes an Al atom at the lattice site, it can cause considerable distortion of
the lattice, which may stimulate the nucleation of an IQC precipitate. After nucleation, the growth of
the spheroidal IQC precipitates is limited by the diffusion of Mn, which has a much smaller diffusion
coefficient than copper [38]. The growth of IQC precipitates is rather slow, since the coarsening rate of
spherical precipitates is proportional to the square root of time [39].

In Al-Mn-Cu alloys, decagonal quasicrystals can form upon solidification [23,40]. The decagonal
Al-Mn-Cu phase is closely related to the equilibrium phase τ1. Thus, it is surely more thermodynamically
stable than IQC. However, it is much less symmetrical. It causes more deformation during formation,
thus, it appeared in a plate-like shape. Its habitus planes are (001), because they have the lowest
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modulus of elasticity (62 GPa compared to 76 GPa of (111) planes). The growth of decagonal plates can
take place linearly with time, so their lengthening rate is much higher than that of IQC precipitates.
As a result, the appearance of DQC precipitates is a disadvantage, when considering the number
density of precipitates. It would be desirable to obtain predominantly IQC precipitates. In this respect,
ageing at 400 ◦C represents the highest viable temperature.

A lot of precipitates formed during ageing at investigated temperatures, however, the hardness
remained more or less the same level as in the as-cast state. This can be contributed to the competition
between the solid solution and precipitation strengthening. Nevertheless, typical aluminium alloys
lose most of their strengths when heated to temperatures above 250 ◦C [41], but the room temperature
hardness of these alloys remained at high levels after ageing for 240 h at 300 ◦C and 24 h at 400 ◦C.
In order to reveal the real potential of these alloys for high temperature applications, their high
temperature stability should be compared with conventional alloys at the same testing conditions.

5. Conclusions

The main conclusions of this work are:
In the investigated Al-Mn-Cu-Be alloys, the highest number density of spherical IQC precipitates,

with the 15–20 nm diameters, can be obtained at 300 ◦C by T5 treatment.
Increasing ageing temperatures caused formation of coarser IQC precipitates and plate-like

decagonal quasicrystalline precipitates.
Higher hardness was attained in the alloy possessing a higher Mn content.
The room temperature hardness of aged alloys remained more or less at the same level as in the

as-cast condition.
The precipitates caused strong work hardening during initial plastic deformation up to 0.1 true

strain, followed by strain softening at higher strains.
The investigated alloys showed interesting behaviour; however, further investigations are required

to reveal the real potential of these experimental alloys, especially for high temperature applications.

6. Patents

The results of this investigation were very important by application of the following patent.
ZUPANIČ, Franc, BONČINA, Tonica. Manufacturing of high strength and heat resistant aluminium
alloys strengthened by dual precipitates = Herstellung von Hochfesten und wärmebeständigen durch
dual-präzipitate verstärkten Aluminiumlegierungen = Fabrication d’alliages d’aluminium à haute
résistance mécanique et thermique renforcés par des précipités doubles: European patent specification
EP 3 456 853 B1, 2020-02-19. Munich: European Patent Office, 2020.

Author Contributions: Conceptualization, T.B. and F.Z.; methodology, T.B.; formal analysis, T.B.; investigation,
T.B. and M.A.; writing—original draft preparation, T.B.; writing—review and editing, T.B. and M.A.; visualization,
T.B. and M.A.; supervision, F.Z. All authors have read and agreed to the published version of the manuscript.

Funding: The XRD investigations were carried out at Elettra, Sincrotrone Trieste, Italy, in the framework of
Proposals 20160145 and 20165196. The TEM investigations at TU Graz were enabled by the ESTEEM 3 Project,
which has received funding from the European Union’s HORIZON 2020 RESEARCH AND INNOVATION
PROGRAMME UNDER GRANT AGREEMENT NO 823717. The authors acknowledge the financial support from
the Slovenian Research Agency (research core funding No. P2-0120 and P2-0123).

Acknowledgments: We acknowledge Luisa Barba for support by XRD experiments at Elettra, Christian Gspan
for S/TEM investigations, and Jaka Burja for compression tests.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Shechtman, D.; Blech, I.; Gratias, D.; Cahn, J.W. Metallic phase with long-range orientational order and no
translational symmetry. Phys. Rev. Lett. 1984, 53, 1951–1953. [CrossRef]

60



Metals 2020, 10, 937

2. Schurack, F.; Eckert, J.; Schultz, L. Synthesis and mechanical properties of cast quasicrystal-reinforced
Al-alloys. Acta Mater. 2001, 49, 1351–1361. [CrossRef]

3. Huo, S.; Mais, B. Characteristics of heat resistant nanoquasicrystalline PM aluminum materials. Met. Powder
Rep. 2017, 72, 45–50. [CrossRef]

4. Inoue, A.; Kimura, H. Fabrications and mechanical properties of bulk amorphous, nanocrystalline,
nanoquasicrystalline alloys in aluminum-based system. J. Light Met. 2001, 1, 31–41. [CrossRef]

5. Kim, K.B.; Xu, W.; Tomut, M.; Stoica, M.; Calin, M.; Yi, S.; Lee, W.H.; Eckert, J. Formation of icosahedral phase
in an Al93Fe3Cr2Ti2 bulk alloy. J. Alloys Compd. 2007, 436, L1–L4. [CrossRef]

6. Kim, S.H.; Song, G.S.; Fleury, E.; Chattopadhyay, K.; Kim, W.T.; Kim, D.H. Icosahedral quasicrystalline and
hexagonal approximant phases in the Al-Mn-Be alloy system. Philos. Mag. A Phys. Condens. Matter Struct.
Defects Mech. Prop. 2002, 82, 1495–1508. [CrossRef]

7. Schurack, F.; Eckert, J.; Schultz, L. Al-Mn-Ce quasicrystalline composites: Phase formation and mechanical
properties. Philos. Mag. 2003, 83, 807–825. [CrossRef]

8. Boncina, T.; Markoli, B.; Zupanic, F. Characterization of cast Al86Mn3Be11 alloy. J. Microsc.-Oxf. 2009, 233,
364–371. [CrossRef] [PubMed]

9. Rouxel, B.; Ramajayam, M.; Langan, T.J.; Lamb, J.; Sanders, P.G.; Dorin, T. Effect of dislocations, Al3(Sc,Zr)
distribution and ageing temperature on θ′ precipitation in Al-Cu-(Sc)-(Zr) alloys. Materialia 2020, 9, 100610.
[CrossRef]

10. Babaniaris, S.; Ramajayam, M.; Jiang, L.; Langan, T.; Dorin, T. Tailored precipitation route for the effective
utilisation of Sc and Zr in an Al-Mg-Si alloy. Materialia 2020, 10, 100656. [CrossRef]
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40. Štrekelj, N.; Naglič, I.; Klančnik, G.; Nagode, A.; Markoli, B. Microstructural changes in quasicrystalline
Al–Mn–Be–Cu alloy after various heat treatments. Int. J. Mater. Res. 2015, 106, 342–351. [CrossRef]

41. Kaufman, J.G. Properties of Aluminium Alloys—Tensile, Creep and Fatigue Data at High and Low Temperatures;
ASM International: Metals Park, OH, USA, 1999.

© 2020 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

62



metals

Article

Effects of Homogenization Conditions on the
Microstructure Evolution of Aluminium Alloy EN
AW 8006
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Abstract: The industrial production of products, such as foil and aluminium alloy strips, begins
with the production of semi-finished products in the form of slabs. These are produced by the
continuous casting process, which is quick and does not allow the equilibrium conditions of
solidification. Non-homogeneity—such as micro and macro segregation, non-equilibrium phases and
microstructural constituents, as well as stresses arising during non-equilibrium solidification—are
eliminated by means of homogenization annealing. In this way, a number of technological difficulties
in the further processing of semi-finished products can be avoided. The aim of this research was
the optimization of the homogenization annealing of the EN AW 8006 alloy. With the Thermo-Calc
software, a thermodynamic simulation of equilibrium and non-equilibrium solidification was
performed. Differential scanning calorimetry (DSC) was performed on selected samples in as-cast
state and after various regimes of homogenization annealing and was used for the simulation of
homogenization annealing. Using an optical microscope (OM), a scanning electron microscope (SEM)
and an energy dispersion spectrometer (EDS), the microstructure of the samples was examined. Based
on the results, it was concluded that homogenization annealing has already taken place after 8 h at
580 ◦C to the extent, that the material is then suitable for further processing.

Keywords: wrought aluminium alloy; homogenization annealing; thermodynamic equilibrium;
microstructure; intermetallic phases; differential scanning calorimetry (DSC)

1. Introduction

Due to their relatively high strength, combined with their sufficient ductility, the non-hardenable
alloys Al-Fe-Mn-Si are largely used in the automotive industry, cooling systems, civil engineering, etc.
Al-foil can be produced either by starting from a conventional direct chill (DC) cast ingot which is
then hot rolled to a strip of about 2–5 mm, or from continuous casting a 6–7-mm-thick sheet (twin roll
casting or belt casting) and then cold rolling it to an intermediate (foil stock) gauge of about 0.4–1 mm.
This is followed by annealing in the temperature range 350–400 ◦C. [1] Then, the material is cold rolled
to final foil thickness. Afterwards, closed gap rolling must be used to achieve thinner foil gauges below
100 μm, which is performed in a dedicated foil mill. Most Al-foil products will be used in the O-temper
conditions (foil must be soft annealed). In addition to the recrystallization, the final gauge annealing is
required to remove lubricant from the foil [2].

Thin aluminium sheets which exhibit good formability and sufficient rigidity are advisable for
use in applications such as fin-stocks in heat exchangers. Thus, a fine grain size structure and a
texture warranting low anisotropy must be achieved by alloy processing. The form in which alloying
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elements are present is an important factor influencing recrystallization and texture development,
and in consequence alloy properties. Iron, manganese and silicon may be present in second-phase
particles or dissolved in the matrix. Coarse intermetallic particles usually act as nucleation sites during
recrystallization, giving a random or retained rolling texture. Fine particles inhibit grain growth by
pinning grain boundaries. Thus, depending on dispersoid density and size, recrystallization can be
accelerated or retarded. Alloying elements in a solid solution also affects structure and properties.
Solid solution element content and dispersoid distribution can be changed by heat treatment [3–5].

Detailed knowledge of the correlation of the microstructure and processing parameters is required
for proper control of the final material’s properties. [6,7]. In relatively clean Al-foil alloys, especially
the material’s microchemistry, i.e., the solution/precipitation state of the alloying elements Fe and Si,
and other impurities, will affect both processing and foil properties at the final gauge. Commercial
Al-alloys will always comprise large Fe-bearing phases because of the very low solubility of Fe in Al.
The type, volume, size, and especially the morphology of these constituent particles have an impact on
ductility and formability. Pre-heating or homogenization annealing prior to hot rolling will affect both
processing and final foil properties by leading to the formation of fine secondary intermetallic phases
or so-called ‘dispersoids’ [6,7]. The solute level upon hot deformation must be kept low, whereas there
is a limitation to the amount of strengthening through solid solution hardening, such that the dominant
strengthening mechanism in dilute Al-foil alloys is dispersion hardening, with some contribution from
solutes. Hence, the volume fraction and size distribution of the dispersoids is an important factor in
dispersion strengthening [8,9]. Increased hardness leads to reduced formability and fatigue resistance
as a result of needle-shaped particles. Grain size has a relatively small influence on strength, but largely
impacts ductility, with finer grain size giving higher ductility [6,10].

Figure 1a shows the Al-rich corner of the equilibrium ternary phase diagram Al-Fe-Si as a function
of the Si and Fe content for the investigated alloy EN AW 8011. [11,12] The diagram displays a total of
three different second-phase particles in equilibrium with the Al-matrix (α-Al), for which the stability
ranges depend on temperature and the exact Si content. The maximum solubility of Fe in Al is
0.05 wt. % at 650 ◦C. Accordingly, alloys based on commercial purity will always comprise Fe-bearing
constituent phases. Alloys with low Si content usually contain rather large fractions of the phase
Al3Fe (or Al13Fe4). This phase adversely affects the formability of Al-foil alloys by forming needle-like
particles [13]. Al-alloys with increased Si content over 0.5 wt. % display significant portions of ternary
AlFeSi-phases [12]. At medium Si contents and/or high temperatures, the α-AlFeSi phase is obtained,
whereas the chemical composition of this phase shows rather large scatter and is described as Al8Fe2Si
or Al12Fe3Si. The ratio of Fe:Si may vary between 2:1 and 3:1 in at. % or, between 4:1 and 6:1 in wt. %.
Increased Si contents and lower temperatures tend to stabilize the phase β-AlFeSi. For this phase a
stoichiometric composition of Al5FeSi is reported; thus, the Fe:Si ratio in at. % is 1:1, and in wt. % this
ratio is very close to 2:1 [1].

Analysis of EN AW 8006 alloys at a low content of Si impurity can be considered using an
Al-Fe-Mn phase diagram (Figure 1b). The isothermal sections of this diagram in the solid state have
only one three phase region (Al) + Al6(FeMn) + Al3Fe. Polythermal sections within the compositional
range of EN AW 8006 commercial alloys have only one invariant horizontal. The sections at 0.7 wt. %
Mn and 1.6 wt. % Fe show that primary crystals of the Al3Fe and Al6(FeMn) phases can form when the
Fe concentration is at the upper limit [14].

Due to dispersion hardening and grain boundary hardening, strain hardening capacity increases
simultaneously with an increasing Fe content, which leads to an increase of the tensile strength and a
decrease in the grain size, and therefore produces high elongation values. The castability improves
from the addition of Si and, furthermore, the cast structure becomes more uniform. Si accelerates the
precipitation of dissolved solute elements during annealing. Si contents higher than 0.8 wt. % lower
the recrystallization temperature, limit the final anneal temperature range, and reduce the positive
effect of Fe on the grain size. Generally, Mn retards recrystallization and increases the recrystallization
temperature [15].
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Figure 1. Phase diagram of an Al-Fe-Si system (a), a liquidus projection of an Al-Fe-Mn system (b),
and a polythermal projection of the solidification surface of an Al-Fe-Mn-Si system (c) reproduces from
reference [12].

The conditions for equilibrium solidification are not fulfilled in practice due to quite high cooling
rates prevailing during industrial DC-casting [9]. Therefore, the as-cast ingot will be supersaturated
with Fe and by other slow-diffusing species, such as Mn and Cr, if they are present. Under these
conditions, a metastable phase Al6Fe can form in addition to the stable monoclinic Al3Fe phase. This
phase is isomorphous to the orthorhombic Al6Mn phase usually encountered in Mn-containing alloys
(3xxx or 5xxx series alloys) [12]. Furthermore, the literature describes other metastable phases of AlmFe
where m varies from 4 to 5 [14]. A transformation of the metastable Fe-bearing phases towards stable
Al3Fe can be achieved by homogenization at high temperatures [7,16,17]. If Mn is present, the α-AlFeSi
phase is replaced by an isostructural quaternary α-Al(Mn,Fe)Si phase from the system presented in
Figure 1c, which may show large variation in exact chemical composition [6,16].

The industrial production of products, such as strips and foils, from aluminium alloys starts
with a semi-finished product in the form of a slab, which does not allow solidification at equilibrium
conditions. Inhomogeneities, micro-segregations, residual stresses and other defects that occur in
the material during un-equilibrium solidification are eliminated with homogenization annealing. [1]
The more present internal defects are the large AlFeMn and/or AlFeMnSi intermetallic particles with
different sizes, which are aligned on the deformation direction. Some zones have a coarse and fragile
compound. The agglomeration of intermetallic particles leads to the rupture of the foil. Heat treatment
(the homogenization of the alloy at 570 ◦C/180 min.) can prevent the structure defects observed in
sheets and foils produced from EN AW 8006 alloy. [18,19] Aluminium oxide and/or spinel (MgO·Al2O3)
on the surface of the sheets can be observed. It is more likely for these inclusions to become sources of
pinholes in the sheets. Moreover, spherical particles of aluminium boride can be seen on the surface of
the sheets. They are small in size and non-deformable particles compared to the ductile aluminium
matrix, but they can affect the performance of the sheet rolling [19,20].

Homogenization processing has a critical contribution by allowing the precipitation of excessive
alloying elements in the solid solution before subsequent thermomechanical processing. However, the
high solidification rate encountered in TRC (twin-roll casting) not only favours the supersaturation
and metastable condition of the alloying elements, but also hinders their micro-segregation [21,22].

In the present study, the microstructural evolution of the typical dilute Al-Fe-Si (EN AW 8006)
foil alloy during homogenization was investigated using optical and electron microscopy as well
as differential scanning calorimetry (DSC). The effect of different homogenization practices on the
formation of intermetallic phases was analysed. Especially, the impact of homogenization on changes
in the morphology of plate-like constituent particles which are known [23] to adversely affect the
formability of 8xxx series alloys was examined.
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2. Materials and Methods

The aim of the study was to optimize the homogenization annealing of the EN AW 8006 alloy
slab. Standard composition is listed in Table 1.

Table 1. The standard chemical composition of the EN AW 8006 alloy/wt. %.

Element Si Fe Cu Mn Mg Zn Other Al

Amount 0.40 1.2–2.0 0.3 0.30–1.0 0.10 0.10 0.05 Bal.

A thermodynamic analysis was conducted using Thermo-Calc Software (TCW2019, Stockholm,
Sweden) and TCAL6 database to obtain the phase diagram and the stability of different phases, as well
as the equilibrium concentrations of these phases.

Samples for heat treatment investigations were cut from the middle of the front surface of a
slab with dimensions of 510 × 1310 × 4800 mm, in the form of cubes. The samples’ dimensions
were approximately 15 mm (l) × 15 mm (w) × 15 mm (h). Single-step solution heat treatments
(homogenization treatments) were done using an electric chamber furnace, which was previously
calibrated. For the investigation of solution heat treatments, samples were held for various times—4 h,
6 h, 8 h, 10 h and 12 h—at temperatures of 580 ◦C and 600 ◦C to investigate the effect of homogenization
on the dissolution of particles. Samples were, after a certain time, removed from the furnace and
cooled in air in order to simulate industrial conditions. All metallographic examinations were carried
out on half of the samples after homogenization annealing, whereas the remainder were grinded
and polished according to the standard metallographic procedure for aluminium alloys. Differential
scanning calorimetry (DSC) was performed on samples in an as-cast state and on the second half of
the homogenized samples, after different regimes of homogenization annealing, using an STA Jupiter
449c apparatus (NETZSCH Group, Selb, Germany). DSC analysis was performed as follows: heating
up to 710 ◦C, followed by cooling to room temperature using 10 K/min heating and cooling rate in a
protective atmosphere of argon. Using an optic microscope Zeiss Axio Observer 7 (ZEISS International,
Jena, Germany) and a scanning electron microscope SEM—Jeol JSM 6610LV (JEOL Ltd., Tokyo, Japan)
with an energy dispersion spectrometer (EDS), the microstructural components were analysed.

Samples for homogenisation simulation on the DSC apparatus were taken from the middle of the
slab. On the DSC device, the homogenization of the as-cast samples was carried out, which lasted for
12 h at 580 ◦C and 600 ◦C. By using the tangent method, the change in the slope of the DSC curves was
determined, which is also attributed to changes in the course of homogenization.

3. Results and discussion

Figure 2 illustrates the results of the thermodynamic calculations. The results indicate that the
temperature range for the dissolution is 550–620 ◦C. As shown in Figure 2, the equilibrium phases and
the temperature ranges in which they are present are: the Al13Fe4 phase up to 652 ◦C, the Al15Si2Mn4

phase up to 630 ◦C, the Al9Fe2Si2 phase up to 477 ◦C, and the Al6Mn phase up to 444 ◦C. This implies
that by heating at 580 ◦C or 600 ◦C for a long holding time, Al15Si2Mn4 will partially dissolve, and
Al9Fe2Si2 and Al6Mn will completely dissolve, but the iron phase Al13Fe4, as well as a fraction of the
Al15Si2Mn4 phase, will still be present. It should also be noted that the homogenization treatment for
these alloys should not be conducted at temperatures over 640 ◦C, as the Fe-rich eutectic phase Al13Fe4

will start to melt.
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Figure 2. Thermo-Calc predicted phase stability in aluminium alloy EN AW 8006 with regard to
the temperature.

In Figure 3, the heating and cooling DSC curves of the experimental samples are presented,
whereas only samples in an as-cast state, and after 6 h and 12 h at temperatures of 580 ◦C and 600 ◦C,
were analysed.

 

Figure 3. Heating (a) and cooling (b) Differential scanning calorimetry (DSC) curves of the investigated
samples after homogenization.

From these results, characteristic temperatures at heating and cooling, as well as melting (ΔHm)
and solidification (ΔHs) enthalpies were determined.

From Figure 3a it can be determined, according to Thermo-Calc calculations, that at a temperature
of about 649 ◦C the melting of the eutectic with the Mn-phase occurs, at a temperature of about
664 ◦C the melting of eutectic (α-Al + Al13Fe4) occurs, and at a temperature of 685 ◦C the melting of
the primary crystals α-Al takes place. From the cooling DSC curves, the solidification is as follows
(Figure 3b): the primary solidification of α-Al occurs at about 650 ◦C, and the solidification of the
eutectic (α-Al + Al13Fe4) occurs at a temperature of about 621 ◦C. The solidification of Mn-phase could
not be detected due to an equilibrium solidification.

In order to improve transparency, the temperatures and enthalpies are collected in Table 2. It can
be considered that the melting temperature of the Mn-eutectic is the lowest in the sample in the as-cast
state (647.3 ◦C), the melting temperature is increased in homogenized samples, and is the highest
(649.7 ◦C) in samples that were homogenized at 600 ◦C. This trend is also observed in the second eutectic
(α-Al + Al13Fe4). The melting temperature of the α-Al phase is also the lowest in the sample in the
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as-cast state (681.6 ◦C), which results from a slower and more equilibrious solidification. It is raised by
a higher homogenization temperature and a longer homogenization annealing time. It is also observed
that the largest melting enthalpy is in the sample in the as-cast state (−573.1 J/g). Homogenized samples
have a lower melting enthalpy, where the lowest is in the sample after homogenization at 600 ◦C 12 h.

Table 2. Listed melting and solidification temperatures, as well as corresponding enthalpies.

Sample
Heating/Melting Cooling/Solidification

�Hm (J/g)
TAl15Si2Mn4

(◦C)
TAl13Fe4

(◦C)
Tα-Al (◦C) �Hs (J/g) Tα-Al (◦C)

TAl13Fe4

(◦C)

As cast −73.1 647.3 658.4 681.6 582.1 650.3 625.3

580-6 −488 648.4 660.5 682.0 493.2 650.6 623.3

580-12 −461.6 649.4 662. 8 685.0 486.3 650.4 621.6

600-6 −439.4 649.7 667.0 687.4 446.5 650.5 621.5

600-12 −396.5 649.6 664.7 686.8 408.7 649.7 620.1

The liquidus temperatures of all samples are around 650 ◦C. At cooling, only the primary
solidification and the solidification of the eutectic (α-Al + Al13Fe4) can be observed on the cooling DSC
curve, which results from a slower and more equilibrious solidification. The liquidus temperature
does not change significantly with the time and temperature of the prior homogenization annealing.
The highest solidification temperature of the eutectic (α-Al + Al13Fe4) is in the sample in the cast state
(625.3 ◦C), which decreases with increasing homogenization temperature and time. The tendency of
the solidification enthalpy variation is the same as in the melting enthalpy.

These observations correlate with the fact that the effects of homogenization are greater for longer
periods and higher annealing temperatures.

The optical micrographs taken from samples after various homogenization regimes are shown in
Figures 4 and 5. In the as-cast sample, there is at most a finely dispersed eutectic that occurs during
longer Al13Fe4 needles. A slightly larger square phase of Al15Si2Mn4 irregular forms is also observed.
In homogenized samples, dispersed phases, which look like Al13Fe4, appear in the α-Al matrix. The
eutectic phase Al15Si2Mn4 gradually dissolves and disappears with longer annealing times. Those
which remain become slightly larger and rounded, which is desirable due to their lower cut effect
and thus their better forming properties. The longer needle phases Al13Fe4 become more rounded by
increasing the annealing time. Similarly, it occurs at both temperatures, but at a higher temperature of
annealing (Figure 5) the less eutectic phase is seen, which is somewhat more rounded. The content and
shape of the intermetallic phases does not change significantly after eight hours of annealing.

In addition, the simulation of the homogenization was done using DSC measurement, whereas
the homogenization process was analysed at two experimental temperatures, 590 ◦C and 610 ◦C,
respectively. Each experiment was performed two times; the results are presented in Figure 6. The
results show that when homogenization takes place at 590 ◦C, not all phases are dissolved in 12 h, but
rather that the process is continuing, whereas the DSC curve is still dropping. At 610 ◦C, most of the
homogenization process is finished after 160 min, and fully finished after 300 min, at 610 ◦C. These
results are in good agreement with the microstructure results in Figures 4 and 5.
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Figure 4. Microstructure of a sample in an as-cast state, and of homogenized samples at 580 ◦C, at 500×
magnification: in an as-cast state (a) and after 4 h (b), 6 h (c), 8 h (d), 10 h (e) and 12 h (f).
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Figure 5. Microstructure of sample in as-cast state and homogenized samples at 600 ◦C at 500×
magnification: in as-cast state (a) and after 4 h (b), 6 h (c), 8 h (d), 10 h (e) and 12 h (f).
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Figure 6. DSC measurement of homogenization annealing of EN AW 8006 alloy at 590 ◦C and 610 ◦C.

Furthermore, an EDS analysis of the selected samples (Figure 7) was made in order to determine
the type and phase composition of phases after certain homogenization regimes. From the EDS
analysis, listed in Table 3, it can be concluded that the phases in the form of large, sharp needles contain
mainly aluminium and iron, which indicates that this is the Al13Fe4 phase. Phases of smaller and
rounded forms contain a slightly higher concentration of manganese and silicon, indicating that this is
the Al15Si2Mn4 phase. The proportion of these two elements increases in these phases with a longer
period of homogenization annealing and is in the as-cast sample up to 2 wt. %, and in the sample
580–12 as well as up to 4 mas. %.

 

Figure 7. SEM (scanning electron microscope) micrographs of the as-cast sample (a), and the samples
homogenized for 6 h (b) and 12 h (c) at a temperature of 580 ◦C, wherein EDS (energy dispersion
spectrometer) analysed spots are marked.
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For samples that were homogenized at 600 ◦C (Figure 8), the effects of homogenization are even
clearer. The needles of the eutectic phase Al13Fe4 grow and become even more pronounced. Mn-phases
are slightly less noticeable with a longer homogenization time. They form more roundish, their
particles are smaller and accumulate in larger aggregates, whereas the concentration of manganese
and silicon increases (Table 4).

 

Figure 8. SEM micrographs of samples homogenized for 4 h (a), 6 h (b) and 12 h (c) at a temperature of
600 ◦C, wherein EDS analysed spots are marked.

4. Conclusions

In this research, the optimization of the homogenization annealing of EN AW 8006 alloy was
performed, and the following conclusions were drawn.

In samples of EN AW 8006 alloy, the following phases can occur: α-Al; long needles from
the Al13Fe4 phase; finely dispersed (α-Al + Al13Fe4) eutectic; and larger, more square forms of the
Al15Si2Mn4 phase. By prolonging the time of the homogenization annealing, the finely dispersed
eutectic (α-Al + Al13Fe4) is partially dissolved in α-Al, and partly forms longer, slightly more
rounded needles of the Al13Fe4 phase, which is desirable due to a lower notching effect. The phase
Al15Si2Mn4 also dissolves during homogenization and forms larger globules. It should be noted that
the content and shape of the phases after eight hours of annealing does not change significantly at each
homogenization temperature.

From the results of EDS phase analysis, it can be concluded that, in the microstructure, there is a
solid solution of α-Al and the phase Al13Fe4 and Al15Si2Mn4, whereas the concentration of silicon and
manganese is increased with a longer homogenization time in the Al15Si2Mn4 phase.

The homogenization annealing time could have been reduced from its current 580 ◦C for 12 h,
wherein preheating takes 5 h, to 6 h at 600 ◦C, according to DSC and SEM analysis, or to 8 h at 580 ◦C,
according to SEM analysis.
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Abstract: In this study, a computational fatigue analysis of topology optimised auxetic cellular
structures made of Selective Laser Melting (SLM) AlSi10Mg alloy is presented. Structures were
selected from the Pareto front obtained by the multi-objective optimisation. Five structures with
different negative Poisson’s ratios were considered for the parametric numerical analysis, where the
fillet radius of cellular struts has been chosen as a parameter. The fatigue life of the analysed structures
was determined by the strain–life approach using the Universal Slope method, where the needed
material parameters were determined according to the experimental results obtained by quasi-static
unidirectional tensile tests. The obtained computational results have shown that generally less auxetic
structures tend to have a better fatigue life expectancy. Furthermore, the fillet radius has a significant
impact on fatigue life. In general, the fatigue life decreases for smaller fillet radiuses (less than 0.3 mm)
as a consequence of the high-stress concentrations, and also for larger fillet radiuses (more than
0.6 mm) due to the moving of the plastic zone away from the edge of the cell connections. The obtained
computational results serve as a basis for further investigation, which should be focused on the
experimental testing of the fabricated auxetic cellular structures made of SLM AlSi10Mg alloy under
cyclic loading conditions.

Keywords: aluminium alloy; SLM; auxetic structures; numerical analysis; fatigue

1. Introduction

Additive Manufacturing (AM) is a fabrication process that provides unique opportunities to
manufacture customised parts with complex geometries or functionally graded materials [1,2]. As
presented in [3,4], AM brings the promise of a new industrial revolution, offering the capability to
manufacture parts through the repetitious deposition of material layers directly from a digital
Computer-Aided Design (CAD) model. For those reasons, AM applies to a wide range of
industries [5,6], including medical equipment [7,8], automotive [9,10], aerospace [11,12], and other
consumer products [13]. Many AM technologies are being currently used in different engineering
applications [14,15], e.g., Direct Metal Laser Sintering (DMLS), Selective Laser Melting (SLM), Electron
Beam Melting (EBM), and Laser Metal Deposition (LMD). Among the AM processes, DMLS and SLM
techniques are particularly widespread, especially for the aluminium alloy processing [16,17]. The DMLS
technology is appropriate to build parts out of any metal alloy, while SLM can only be used with
certain metals.

For AM technologies, Al–Si or Al–Si–Mg are the common alloys. In general, the static strength
of AM parts depends on the density of the parts, as well as on the microstructure formed during
the fabrication. As presented by Aboulkhair et al. [18] and Kempen et al. [19], the microstructure
of the AM fabricated parts made of the AlSi10Mg alloy is usually finer (higher static strength)
compared to the parts, which are fabricated via classical procedures (e.g., casting). On the other hand,
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the microstructure of the AM fabricated parts is generally anisotropic and depends on the building
and scanning directions during the AM process. For that reason, the monotonic material properties
(yield stress, ultimate tensile strength) are also anisotropic and may strongly depend on the orientation
of texture [20–22]. Zhou et al. [23] have shown that the microstructure, hardness, and static strength of
the AM parts may be significantly influenced by additional heat treatment. Nevertheless, the fatigue
behaviour of the AM parts is not well understood yet, although a lot of research was performed in the last
decade [24]. Similar to the static mechanical properties, the fatigue strength of the AM parts primarily
depends on their microstructure. However, the AM process usually leads to an increased surface
roughness of the fabricated part, which decreases its fatigue strength [25]. Furthermore, material defects
such as the porosity and insufficient layer bonding could result in an increased scatter of the fatigue
properties [26]. Besides the fatigue analyses, the investigations on the fracture behaviour of the AM
components have also been carried out, especially due to the high importance in the automotive
industry and aerospace applications [27–29].

As mentioned above, AM technologies, including the SLM process, provide opportunities to
manufacture very complex geometries or functionally graded materials, which are inaccessible through
traditional manufacturing techniques. Typical lightweight structures, where the SLM process may be
used, are pre-designed advanced cellular metamaterials and structures, which are difficult to fabricate
by the traditional processes. In the last period, the research has been focusing on the mechanical response
of the gradient lattice structures manufactured via the AM process in terms of energy absorption under
the compressive loading conditions [30–32]. Some authors also investigated the fatigue behaviour
of different AM lattice structures considering the effect of the cellular topology and geometrical
imperfections on the fatigue life of the analysed structures [33–35]. The next group of metamaterials
suitable to be produced using the AM technology are the auxetic cellular structures, which are the
subject of this study (for a detailed description of the auxetic cellular structures, see Section 2.1).

The research work in the presented study is focused on the fatigue behaviour of five different
auxetic cellular structures obtained by the topology optimisation and made of the SLM AlSi10Mg
alloy, which is widely used in the aerospace and automotive industry because of its high specific
strength, high corrosion resistance, and good flowability [36,37]. The fatigue life of different
auxetic cellular geometries, also considering the influence of the fillet radiuses, is determined
by the strain–life approach using Universal Slope method [38]. The material parameters were
determined according to the experimental results previously obtained by the unidirectional quasi-static
tests [39]. Numerical nonlinear finite element simulations were performed to determine the deformation
behaviour and the stress and strain fields in the critical cross-sections of the analysed cellular
structures. Then, the numerical results were used as the input parameters in the subsequent
fatigue analyses.

2. Selection of Optimised Auxetic Cellular Structures

2.1. Auxetic Cellular Structures

Cellular structures have been increasingly used in modern engineering applications over the
past decades due to their attractive combination of mechanical and thermal properties [40–42].
Recent advances in the AM technologies enable the fabrication of parts with complex internal cellular
structure, which are commonly adjusted for specific applications. The auxetic cellular structures exhibit
a negative Poisson’s ratio and thus experience large volume changes under loading [43–45]. The auxetic
structures tend to expand in the lateral direction when subjected to the uniaxial tensile loading and
vice versa in the case of the compressive loading (Figure 1).

Such behaviour is made possible by their 2D or 3D designed hinge-like cellular skeleton with
predefined geometry [46–48]. The auxetic cellular structures (made of metals [49], polymers [50,51],
and textiles [52–54]) offer extraordinary mechanical properties (under quasi-static [55], impact [56,57],
and fatigue [58,59] loading), i.e., variable stiffness [60], low density, large mechanical energy absorption
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through deformation [61–63], and unique deformation behaviour [64,65]. Their cell shape changes
rapidly through the complete auxetic structure under loading; thus, the loading efficiently spreads
through the structure. The impact on a small part of the auxetic structure results in energy dissipation
through its entire structure. With recent advances in the AM technologies [66], it is possible to fabricate
the auxetic cellular structures with optimised and exactly predefined geometries (i.e., strut thickness,
geometry, cell shape and size). The design and optimisation of auxetic structures can be done by using
advanced Computer-Aided Engineering (CAE) methodologies to achieve and control the desired
mechanical properties for specific applications [60,67]. Such precise fabrication control of the shape,
size, and distribution of cells with the use of layered additive technologies makes the auxetic structures
superior to the other conventionally manufactured cellular materials.

Compressive loading Tensile loading 

Undeformed auxetic structure 

Figure 1. The behaviour of auxetic cellular structures under compressive and tensile loading.

2.2. Topology Optimised Auxetic Structures

Many auxetic cellular structures have been developed up to date [45]. Their shape, topology,
and dimensions were usually custom-made for the task for which they were designed. Therefore, it is
difficult to compare the fatigue properties between them. In the previous study by Borovinšek
et al. [67], a procedure for the determination of optimal auxetic topology was developed using a
numerical approach. The auxetic topology was modelled as a quarter cell of a 2D planar periodic
structure. Appropriate boundary conditions were applied to account for the rest of the structure.
The quarter cell model had a square shape, and its topology was represented by a grid of 10 × 10 equal
squares (parameter regions), each of which could either represent material or a void region (Figure 2a).
In this way, any topology of the quarter cell could be obtained by changing the content of the
parameter regions.

The performance of the auxetic structure was regarded as a performance of the compliant
mechanism, and as such, two objective functions were applied to determine the optimal topologies.
The first objective function was used to measure the stiffness of the auxetic structure, while the
second objective function measured its flexibility. Using two objective functions and a multi-objective
optimisation procedure, which changed the values of the parameter regions, resulted in a set of best
topologies called the Pareto front [67]. All solutions on the Pareto front are optimal and equally good.
Thus, applying this procedure results in a set of topologies, which have an auxetic behaviour. Since they
are optimised with the same procedure and with the same objectives, it is also possible to directly
compare their fatigue behaviour.
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(a) 

 
(b) 

 
(c) 

Figure 2. Base topology (a); medial axis topology (b); and rounded medial axis topology (c).

The drawback of this procedure is that the resulting optimal topologies of the quarter cell
models are sharp-edged, since their topology consists of square-shaped parameter regions (Figure 2a).
Sharp edges of the structure result in stress concentrations under load and do not allow a direct
application of the obtained topologies from [67]. To study the fatigue behaviour of the obtained
topologies, a geometry smoothing procedure was developed for this investigation. It was applied to
reduce the number of possible stress concentration regions.

The smoothing procedure consists of the following five steps:

1. Selection of the topology from the Pareto front (Figure 2a, dark grey area).
2. Determination of the medial axis of the topology.
3. Simplification of the medial axis to straight lines between the line connection points (Figure 2b,

red lines).
4. Thickening of the simplified medial axis to obtain the geometry; the horizontal and vertical lines

retained their thickness, while a new thickness was defined to the oblique lines of the medial axis.
The thickness of these lines was set to such a value that the topology area remained the same
(Figure 2b, light grey area).

5. All remaining sharp corners were rounded using an equal fillet radius R (Figure 2c).

From the Pareto front, obtained by the multi-objective optimisation, which contained 200 different
topologies, five base topologies were selected for this study. The topologies of the Pareto front were
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first sorted by their Poisson’s ratio starting with the lowest one (Topology 1), followed by the median
one (Topology 3), and so on until the highest one (Topology 5). An additional two topologies were
selected between the lowest and the median Poisson’s ratio (Topology 2) and between the median
and the highest Poisson’s ratio (Topology 4). The resulting five topologies are almost equally apart
from each other on the Pareto front; thus, they are a good representation of the best solution set.
The Poisson’s ratio and the mass of all five base topologies are reported in Chapter 3. After selection,
the smoothing procedure was applied, which resulted in five distinct quarter unit cell topologies
(Figure 3). Their complete auxetic structures were made by mirroring and multiplying the quarter
cell topology in such a way that the resulting periodic structures consisted of six-unit cells in both the
(x and y) coordinate directions.

Figure 3. Selected quarter unit cell topologies and resulting auxetic structures.

79



Metals 2020, 10, 945

3. Material Characterisation and Fatigue Analyses

3.1. Material Characterisation

The material used in this study is aluminium alloy AlSi10Mg. The specimens used for the further
tensile tests have been fabricated by the SLM technology using the EOSINT-M-270 system without
additional polishing. The general process data and the material composition are shown in Table 1.
Figure 4a shows the geometry of the flat specimen, while the designated building and scanning
fabrication directions are shown in Figure 4b.

Table 1. Material data sheet of Selective Laser Melting (SLM) AlSi10Mg alloy.

Layer thickness: 30μm

Volume rate with the standard parameters: 4.8 mm2/s

Surface roughness (as-built, cleaned): Ra 15–19 μm; Rz 96–115 μm

The density with the standard parameters: 2.68 g/cm3

Material composition (maximum values in %)
Al Si Fe Cu Mn Mg Ni Zn Pb Sn Ti

Bal. 9–11 0.55 0.05 0.45 0.2–0.45 0.05 0.1 0.05 0.05 0.15

 
Figure 4. Geometry (a) and building direction (b) of a flat specimen. (all dimensions are in millimetres [mm]).

Figure 5 shows the polished surface of the fabricated specimen. The black circles represent the
pores. They are significantly more frequent and larger near the specimen surface all around the
circumference, up to 500 μm inwards. These near-surface pores were formed at the beginning/end of
a scan in the x-direction and were not removed by the laser movement in the y-direction during the
formation of the subsequent layer.
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Figure 5. A light micrograph of the polished specimen [39].

Two specimens were used for the quasi-static tensile tests to measure the stress–strain (σ–ε)
response. The tensile tests were carried out using the 100 kN MTS Landmark hydraulic machine
(MTS Systems GmbH, Germany) at a room temperature of 23 ◦C. The tests were displacement controlled
with a loading rate of 0.5 mm/min according to the DIN-ISO 6892 standard. The force was measured
with the 100 kN MTS load cell, and the strains were measured with the MTS 834.11F-24 extensometer
(MTS Systems GmbH, Germany). The measured quasi-static stress–strain responses [39] were almost
the same for both specimens and are in a good agreement if compared to the experimental results from
other researchers [68]. Based on the measured stress–strain responses (Figure 6), the average material
parameters have been determined (Table 2).

Figure 6. Stress–strain response of the SLM AlSi10Mg alloy.
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Table 2. Material parameters of the SLM AlSi10Mg alloy.

Elastic Modulus
E (MPa)

Poisson’s Ratio
ν (-)

Yield Stress
Rp0,2 (MPa)

Ultimate Tensile
Strength UTS

Rm (MPa)

Strain at Rupture
A5 (%)

True Fracture Strain
εf (-)

70,900 0.3 180 318 3.35 0.031

The true stress–strain (σtrue–εtrue) data were determined using engineering stress (σeng) and
engineering strain (εeng) values as follows:

εtrue = ln
(
1 + εeng

)
(1)

σtrue = σeng ×
(
1 + εeng

)
. (2)

3.2. Strength Analysis

The numerical models of five auxetic structures were built in Ansys Mechanical [69], using a 2D
plane stress formulation. The size of 10 mm × 10 mm was chosen for the one-unit cell, which results
in a structure size of 60 mm × 60 mm and a nominal strut thickness of 0.5 mm. The finite element
mesh consisted of plane stress parabolic quad finite elements PLANE183 with eight nodes. With the
parametrical analysis, it was deduced that the results converge using a mesh, where the global element
size is approximately 0.2 mm, with a consideration of curvatures, where the element size is even
smaller. This resulted in numerical models with an average of 30,000 finite elements and 100,000 nodes.
Each topology was constrained in the y-direction at the bottom and loaded with displacement at
the top. All five structures were loaded with the same displacement of 0.4 mm in the + y-direction,
thus creating a tension in the vertical direction. Such loading was chosen to induce plasticity in
all structures. The higher loading displacement would cause severe plasticity in some structures.
Similarly, a lower value of displacement would not cause plastic strain in some structures. The models
were constrained in the x-direction in the middle of the structure to prevent horizontal movement.
The boundary conditions are presented in Figure 7, where loading is acting in the vertical direction
(y-direction).

 
Figure 7. Boundary conditions.

The material in all presented numerical models was the SLM AlSi10Mg alloy with the properties
presented in Section 3.1. The models were loaded with the displacement, which caused plastic
deformation in all five models. Therefore, material nonlinearity was considered in the simulations.
For plasticity, a multilinear isotropic hardening model was used, with the utilisation of the true
stress–strain material data shown in Figure 6.
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Numerical results in the form of total displacements are presented in Figure 8. The resulting
displacement was scaled by the factor 11 for a better visualisation of all structures. It can be noted that
they have different Poisson ratios. The Poisson ratios presented in Table 3 were calculated as the ratio
between the longitudinal and lateral displacement. The Poisson ratios of the analysed structures are, to
some extent, different than the unit cell’s Poisson ratios. All the calculated Poisson ratios are negative,
which proves that all the analysed structures are also auxetic. It can be seen that Topology 1 has the
lowest Poisson ratio, while Topology 5 has the highest Poisson ratio. The Poisson ratios of the other
three topologies are ascending between Topology 1 and Topology 5. Table 3 also reports the mass of
each model showing that all structures have a similar weight. Only Topology 3 is a bit more massive.

 
Figure 8. Deformed and undeformed structures.

Table 3. Properties and results of the analysed topologies.

Topology
Mass

(g)

Displacement
x-direction

(mm)

Equivalent
Elastic Strain

(mm/mm)

Equivalent
Plastic Strain

(mm/mm)

Poisson Ratio
(-)

Unit Cell’s
Poisson Ratio

(-)

1 0.10 0.964 0.00408 0.0154 −2.41 −4.01

2 0.09 0.381 0.00307 0.0180 −0.95 −2.71

3 0.12 0.280 0.00362 0.0094 −0.67 −0.92

4 0.10 0.080 0.00312 0.0022 −0.20 −0.35

5 0.09 0.040 0.00323 0.0011 −0.01 −0.19

Figure 9 shows the location of the maximum plastic strain for each model. The area of the
maximum plastic strain is also magnified to visualise the exact location of the developed plastic zones.
Location of the maximum plastic strain is in all cases at the fillet radius of the auxetic structure.
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Figure 9. Location of the maximum equivalent plastic strain and its distribution.

Since the size of the radius is important, a series of parametric analyses were conducted with
different radius sizes. Radiuses were scaled in a range of 0.1 and 0.9 mm with a step of 0.1 mm.
Figure 3 shows the basic topology designs from which the numerical models were built. Most of
the structures allow a wide range of radiuses, while Topology 1 and Topology 5 are limited because
the two fillets intersect and prevent further radius scaling. Therefore, some radiuses were scaled,
while the potentially intersecting radiuses were presented only up to the maximum possible values,
e.g., Topologies 1 and 5. Each time the radius was scaled, the numerical model was regenerated with
the same mesh parameters and the same boundary conditions as presented in Figure 7. In that way,
it was possible to determine how radius sensitive the analysed structures are and the optimal radius
for each structure in terms of fatigue.

Figure 10 shows the equivalent plastic strain for different fillet radiuses. For Topology 1, some fillets
could not be scaled beyond 0.25 mm, while the remaining fillets are limited to 0.75 mm; therefore,
the results for the radius of 0.9 mm for Topology 1 are missing.

From the results in Figure 10, it is clear that at a small fillet radius, the plastic strain occurs near
the edge, which is placed where the crack initialisation is expected. With a larger fillet radius, the area
of the plastic zone is wider, and the value of the equivalent plastic strain is lower in all structures.
In most of the observed structures, this occurs at the radius of approximately 0.4 mm, with exceptions
in Topology 1 (at the radius of approximately 0.2 mm) and Topology 4 (at the radius of approximately
0.3 mm). With further increase of the fillet radius, the value of the equivalent plastic strain increases.
Furthermore, some new critical areas occur. Accordingly, large fillet radiuses create new critical places
for the crack initiation, where sometimes the equivalent plastic strain has the same or larger value than
observed in the case of very small fillet radiuses.

Then, the obtained numerical results were used for fatigue life determination. From each numerical
result, the maximum equivalent elastic strain was added to the maximum equivalent plastic strain.
This allows the calculation of the fatigue life cycle for each topology, including the fillet radius variations
(Figure 10). For each structure, additional numerical analysis was performed to determine the yield
load condition, when the structure behaves purely elastic.
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Figure 10. Equivalent plastic strain for different fillet radiuses.

3.3. Fatigue Life Determination

In the presented study, the strain–life approach is used to determine the fatigue life of treated
cellular structures. In general, this approach is based on the knowledge of the stresses and strains that
occur at locations, where the fatigue crack nucleation is likely to start, e.g., holes, fillets, grooves. In this
approach, the fatigue behaviour of the material is described by the strain–life curve expressed by the
Coffin–Manson relation between fatigue life Ni and the total amplitude strain [70]. However, the material
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low-cycle fatigue parameters should be determined previously using the appropriate low-cycle fatigue
test. If it is not the case, an alternative method based on the material parameters obtained from a
quasi-static test can be used. In this study, the method of Universal Slopes as proposed by Muralidharan
and Manson [38] has been used to obtain the number of loading cycles Ni required for the fatigue crack
initiation in the critical cross-section of the treated cellular structure:

εEa = 0.623
(Rm

E

)0.832
(2Ni)

−0.09 + 0.0196
(
ε f
)0.155

(Rm

E

)−0.53
(2Ni)

−0.56 (3)

where εEa is the equivalent amplitude strain, E is the elasticity modulus, Rm is the ultimate tensile
strength, and ε f is the true fracture strain. Once the equivalent amplitude strain εEa is known,
the number of stress cycles Ni can be obtained iteratively from Equation (3) using Matlab software [71]
and with a consideration of the material parameters E, Rm, and ε f given in Table 2. The results are
shown in Figure 11.

Figure 11. The fatigue life Ni of different topologies and fillet radiuses.

For Topology 1, the expected fatigue life cycles are rather low, with a maximum value at the
fillet radius of 0.2 mm. Topology 4 resulted in the best fatigue life expectance with the fillet radius of
0.3 mm. All other structures have the highest number of cycles with a radius of 0.4 mm, while the life
expectancy of Topology 3 is very low. The best fatigue life is expected for Topology 5, which also has the
highest Poisson ratio, making it the least auxetic structure presented in the paper. On the other hand,
Topology 2 has the second-highest fatigue life expectancy, while having the second-lowest Poisson
ratio. Therefore, Topology 2 could be used in cases where a highly auxetic and durable structure
is needed.

4. Discussion

Five cellular structures were considered for the numerical analysis to identify the most suitable
auxetic topology when considering the fatigue life under tension loading conditions. Structures were
selected from the Pareto front obtained by the multi-objective optimisation. The structures were sorted
by their Poisson ratio, starting with the lowest one (Topology 1) to the one that has the Poisson’s ratio
only slightly below zero (Topology 5), as can be seen from Table 3.

All five topologies were subjected to the same tensile loading conditions. The amount of the tensile
load was high enough to cause plasticity in every topology but small enough that each topology would
sustain several loading cycles until failure. The presented results of the numerical analysis show that
generally less auxetic structures tend to have a better fatigue life expectancy.
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The fillet radius has a significant impact on fatigue life. While it is expected that smaller radiuses
would increase the probability of crack initiation, it is interesting to note that larger fillet radiuses
also negatively influence the fatigue life. As the fillet radius increases, the plastic zone is moved
away from the edge, as can be seen from Figure 10. Global tension loading displacement induces
hinge-like behaviour in structure corners. While the hinges rotate, the structures struts are primarily
loaded in bending. Since the struts have a constant cross-section area, the internal bending moment is
equally distributed along their length, and the whole strut deforms to account for the hinge rotation.
With increased fillet radius, the strut length is decreased. To account for the same hinge rotation,
a shorter strut must deform more, which causes a higher rate of plasticity with the same tension
loading displacement.

Topology 1 has the lowest (most negative) Poisson ratio, which makes it the most auxetic
structure analysed herein. Computed displacements in the lateral direction (x-direction) are more
than two times larger than the loading displacements in the longitudinal direction (y-direction).
However, the prescribed tension displacement is quite large for this structure, as it results in an
equivalent plastic strain of 1.5%. The fatigue life under such loading conditions would be very short,
which is also clearly shown in Figure 11. Loading would have to be reduced at least 10 times to
achieve the pure elastic behaviour of the structure, which questions its usability compared to the other
analysed structures.

As can be seen from Figure 11, Topology 2 is the second most auxetic structure and has the
second-best fatigue life. This makes Topology 2 the best choice for an application where the auxetic
response is needed. With the Poisson ratio of−0.95, the displacement in the lateral direction (x-direction)
is almost identical to the tension loading displacement. With the applied loading, the structure would
sustain approximately 2500 cycles, and if the loading displacement would be decreased to less than
half of the applied loading, the structure would behave purely elastically, while still exhibiting the
same displacement in both directions. This makes Topology 2 the most appropriate choice for the
auxetic structure.

By analysing Topology 3, it can be observed that the lateral displacement is nearly half the size
of the tension loading displacement. However, the equivalent plastic strain is approximately 1%,
and the structure has the second-worst fatigue life expectancy Additionally, Topology 3 is the most
massive structure compared to the other topologies. Therefore, this structure is not recommended
for an application subjected to cyclic loading unless a specific need utilising such a Poisson ratio
is required.

The Poisson ratio of Topology 4 is equal to −0.2. Topology 4 also has a high expected fatigue life.
Similar to Topology 2, this structure would behave purely elastically when the loading displacement is
reduced by half. Comparing Poisson ratio, it is evident that the lateral displacement would be five
times lower, as it was observed in the case of Topology 2. It could be recommended for applications
where a small amount of auxetic behaviour is required. Nevertheless, Topology 2 shows a better
performance in terms of lateral displacement and fatigue life.

Topology 5 shows the smallest auxetic effect, as its Poisson ratio is close to zero. At the same
time, it is the structure with the highest number of fatigue life cycles determined, as can be seen from
Figure 11. If the tension loading displacement would be reduced only by 25%, the structure would
behave purely elastic. Therefore, Topology 5 could be used for applications where the transversal
strain should be limited.

5. Conclusions

In this study, the fatigue behaviour of auxetic cellular structures obtained by multi-objective
topology optimisation and made of SLM AlSi10Mg alloy is presented. Five structures with different
Poisson ratios were considered for the parametric numerical analysis, where the fillet radius of cellular
struts has been chosen as a parameter. The fatigue life of the analysed structures was determined by the
strain–life approach using the Universal Slope method, where the needed material parameters were
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determined according to the experimental results obtained by the quasi-static unidirectional tensile
tests. Based on the fractography of the quasi-static specimens, numerical simulations, and fatigue
analyses, the following conclusions can be made:

• The microstructure of treated SLM AlSi10Mg alloy consists of bands, which were produced by
varying the scan direction in each subsequent layer. The material porosity is more frequent and
larger in the near-surface layers, where pores were formed at the end/beginning of scanning
during the SLM process.

• The obtained material parameters by the quasi-static tests (proportional limit, ultimate tensile
strength, strain at rupture) are comparable to the results presented by the other researchers.

• The obtained computational results have shown that less auxetic structures (higher Poisson ratios)
tend to have a better fatigue life expectancy (the longest fatigue life has been obtained for the
structure topology with the minimum auxetic characteristics).

• The fillet radius of cellular struts has a significant impact on fatigue life. Computational analyses
have shown that the fatigue life decreases for smaller fillet radiuses (less than 0.3 mm) as a
consequence of high-stress concentrations and also for larger fillet radiuses (more than 0.6 mm)
due to the movement of the plastic zone away from the edge of the cell connections. Besides the
fillet radius sizes, other reasons for stress concentrations might exist. This should be investigated
in future research.

• The fatigue life in this study was obtained using the simplified Universal Slope method, where the
material parameters were determined by quasi-static tensile tests considering the partly porous
structure of analysed SLM AlSi10Mg alloy (Figure 5). For a more accurate determination of fatigue
life of real components made of SLM AlSi10Mg alloy, the comprehensive Low Cycle Fatigue
(LCF) tests should be performed to determine the appropriate LCF material properties, where
the influence of pores will be considered in detail. Once the LCF material parameters are known,
the standardised strain life approach could be used for the subsequent fatigue analysis.

• The obtained computational results provide a basis for further investigation including experimental
testing of the fabricated auxetic cellular structures made of SLM AlSi10Mg alloy under the cyclic
loading conditions.
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Abstract: Ultrasonic and conventional fatigue tests were carried out on the AISI-SAE AA7075-T6
aluminum alloy, in order to evaluate the effect of artificial and induced pre-corrosion. Artificial
pre-corrosion was obtained by two hemispherical pitting holes of 500-μm diameter at the specimen
neck section, machined following the longitudinal or transverse direction of the testing specimen.
Induced pre-corrosion was achieved using the international standard ESA ECSS-Q-ST-70-37C of the
European Space Agency. Specimens were tested under ultrasonic fatigue technique at frequency of
20 kHz and under conventional fatigue at frequency of 20 Hz. The two applied load ratios were:
R = −1 in ultrasonic fatigue tests and R = 0.1 in conventional fatigue tests. The main results were the
effects of artificial and induced pre-corrosion on the fatigue endurance, together with the surface
roughness modification after the conventional fatigue tests. Crack initiation and propagation were
analyzed and numeric models were constructed to investigate the stress concentration associated
with pre-corrosion pits, together with the evaluation of the stress intensity factor in mode I from crack
initiation to fracture. Finally, the stress intensity factor range threshold ΔKTH was obtained for the
base material and specimens with two hemispherical pits in transverse direction.

Keywords: Al alloy 7075-T6; ultrasonic fatigue; artificial pits; pre-corrosion; crack initiation

1. Introduction

One of the most versatile metal used in industrial applications is aluminum and its alloys; it is the
second widely produced metal after steel. Particularly, its alloys are often used in modern industries:
more than 40% of aerospace and aeronautical parts are made of these alloys nowadays [1–4]. Frequently,
such industrial applications imply a combination of mechanical loading and corrosion, which leads to
stress concentration and failure of the material. Pitting corrosion is one of the most damaging effect
on materials, difficult to predict in order to avoid damage and failure in industrial components [5–9].
In previous numeric investigations [10], it was found that orientation of the corrosion pits regarding
the applied load plays a significant role on the stress concentration factors. An important number of
studies has been focused to understanding how cracks initiate and propagate in materials influenced
by external factors, such as corrosion pitting, surface conditions, temperature and others [10–13].
A main motivation to carry out this research work is that no studies have been developed concerning
the effect of pre-corrosion on the fatigue endurance, under conventional and ultrasonic tests, on this
aeronautical aluminum alloy. Concerning surface roughness, fatigue life has been studied in a carbon
steel, showing that this superficial parameter influences fatigue life only during crack initiation

Metals 2020, 10, 1033; doi:10.3390/met10081033 www.mdpi.com/journal/metals93



Metals 2020, 10, 1033

stage [14]; others investigations [15,16], have referred that fatigue life is reduced with the increase of
roughness. In this study, the roughness has been registered before and after the conventional fatigue
tests, in order to record its variation.

On the other hand, several studies have pointed out the correlation between pitting corrosion and
the reduction of fatigue life [17–20], taking the maximum or the average pit size as the initial crack
size; nevertheless, no consideration of pits interactions has been considered inducing high values of
stress concentrations factors. In this study, a numeric model reproducing two pits on the specimen
surface is developed in order to investigate the increase of stress concentrations factors associated
with its orientation. Fatigue endurance of pitting metals can be improved applying shoot peening,
which induces compression residual stress [21,22].

2. Materials and Methods

The chemical composition (% in weight) and the main mechanical properties of AA7075-T6
aluminum alloy are listed in Tables 1 and 2, respectively. In order to obtain experimentally some
mechanical properties as yield stress and ultimate tensile stress of this aluminum alloy (Table 2),
tests were conducted on universal testing machine Instron 1255 (Instron, Norwood, NY, USA) on 4
specimens (cold-rolled Al7075-T6 sheet, tension applied parallel to the rolling direction of the sheet) of
non-standard dimensions and at room temperature.

Table 1. Chemical composition by weight (%) of aluminum alloy 7075-T6.

Zn. Mg Cu Cr Fe Al

6.9 Max. 2.7 Max. 1.87 Max. 0.2 Max. 0.4 Max. Balance

Table 2. Main mechanical properties of aluminum alloy 7075-T6.

Density Hardness σy σu Poisson Ratio Elastic Modulus

(kg/m3)
2800

(HV0.1)
155.12

(MPa)
453

(MPa)
538

(–)
0.33

(GPa)
70

The specimens used in ultrasonic fatigue test were machined from an AA7075-T6 plate,
its dimensions were determined by modal numeric analysis in order to fit the resonance condition:
the natural frequency of vibration in longitudinal direction close to frequency of excitation source
(20 kHz ± 300 Hz). The dimensions (mm) are shown in Figure 1a for the ultrasonic specimen and,
Figure 1b for the conventional specimen. In Figure 2 is depicted the result of modal analysis: 19,929 Hz
of natural frequency for ultrasonic specimen with dimensions presented in Figure 1a, using the
mechanical properties of Table 2: density, Young’s modulus and Poisson ratio. Ansys 19-R1 was used
with 12,120 elements, 55,753 nodes and a fixed support at the specimen’s end as boundary condition.

Specimens used for conventional fatigue tests present similar dimensions of the previous ultrasonic
specimens, slightly modifications were introduced, such as: a machined rope at the extremes of specimen
in order to fix it to the testing machine, Figure 1b.

Experimental Set Up

All ultrasonic fatigue tests were performed with the self-designed and constructed machine
Figure 3, which is totally controlled by a LabVIEW program (Version 2015, National Instruments,
Austin, TX, USA), allowing the test initiation, the record of the number of cycles in real time and
the automatic stop with the specimen’s failure. Calibration of displacements of specimens at the
free end was carried out by an inductive proximity sensor (Keyence, Itasca, IL, USA), which has a
resolution of ±2 μm, working at 1.5 MHz. All tests were obtained at room temperature (close to 23 ◦C),
with environmental humidity between 35% to 55% and full reversed load ratio R = −1.
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(a) 

 
(b) 

Figure 1. (a) Ultrasonic fatigue specimen dimensions (mm), fitting the resonance condition;
(b) dimensions (mm), of the conventional fatigue specimen.

 

Figure 2. Natural frequency of vibration in longitudinal direction for aluminum alloy specimen
AA7075-T6, obtained by modal analysis.

 
Figure 3. Ultrasonic testing machine.

The experimental start up for each specimen under ultrasonic fatigue tests was as follows:
stabilization of the system for 30 s with an applied load of 44 MPa (corresponding to the lower voltage
of ultrasonic generator: 10 volts); afterwards, increasing 4.4 MPa each second to attain the desired
applied load.

Conventional fatigue tests were conducted on a servo–hydraulic testing machine, in which
frequency can be imposed from 0.5 to 20 Hz. The complete system of the machine was developed in
the University of Maribor, Slovenia [23]; an overview is depicted in Figure 4. The manufacturing of
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the parts and the whole controlling system for the machine was configurated to work between 0.5 to
20 Hz; all tests under conventional fatigue were obtained at the highest frequency and with load ratio
R = 0.1, at room temperature without control of environmental humidity.

.
Figure 4. Servo-hydraulic machine for conventional fatigue testing.

Roughness on surface of testing specimens was measured before and after the conventional
fatigue tests, in order investigate the variation of this parameter. The measurements were obtained in
longitudinal and transversal direction in regards the principal axis of specimens, using two roughness
measuring devices: a TESA Rugosurf 10 G (Renens, Switzerland) and a Mitutoyo SURFTEST SJ-210
(Queréraro, Mexico). The use of these two devices allows to corroborate similarity of the average
roughness obtained through the first and second MEASURING device.

Three initial types of specimens were tested: specimens with nomination A, which are the base
material, nomination B with two artificial hemispherical pits (500-μm diameter) in transverse direction
in regard the applied load, Figure 5 and nomination C with two artificial hemispherical pits (500-μm
diameter), this time longitudinally oriented in regard the applied load, Figure 6. Specimens to be
machined at the neck section are presented in Figure 7a (milling machine, model Dyna EM-3116, San José,
CA, USA); whereas the two artificial pits were made with a tungsten drill bit of 500-μm-diameter
(brand: HANGXIN, model: ZT0.5, Guangzhou, China), as illustrated in Figure 7b. Pre-corrosion was
achieved by immersion of specimens during 30 h in a solution of distilled water with 3.5% in weight of
NaCl (international standard ESA ECSS-Q-ST-70-37C). Figure 8a presents the process of immersion for
pre-corrosion and Figure 8b, the microstructure of pre-corroded specimen on the flat surface, with a
higher pit dimension of about 90 μm, approximately.

Figure 5. Specimen B—transverse pits.
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Figure 6. Specimen C—longitudinal pits.

(a) (b) 

Figure 7. (a) Specimens to be machined at the neck section; (b) drilling of the two artificial pits holes.

  
(a) (b) 

Figure 8. (a) Pre-corrosion process; (b) pre-corroded surface at the flat side of specimen.
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3. Results

3.1. Fatigue Endurance under Ultrasonic and Conventional Techniques

Ultrasonic and conventional fatigue tests on the base material, with two pits and pre-corroded
specimens are plotted on Figure 9 (the maximum Von-Mises stresses of fractured specimens).

 

+
+ +

Figure 9. Results of ultrasonic and conventional fatigue tests.

Nomination for ultrasonic fatigue were as follows: VHCF-A the base material, VHCF-B for
specimens with two artificial pitting holes in transverse direction, VHCF-C specimens with two
artificial pitting holes in longitudinal direction and VHCF-P for specimens with pre-corrosion.
Nomination in conventional fatigue was: LCF-A the base material specimens, LCF-B specimens
with two artificial pitting holes in transverse direction and LCF-C specimens with two artificial pitting
holes in longitudinal direction.

3.2. Roughness Measurements on the Conventional Fatigue Testing Specimens

Measurements of surface roughness were obtained before and after the conventional fatigue tests,
as shown in Table 3.

The roughness parameter Ra was measured in four localizations: (a) longitudinal direction at
the flat surface, (b) longitudinal direction at the side of specimen, (c) transverse direction at the flat
surface and (d) transverse direction at the side of specimen, as illustrated in Figure 5. The obtained
results show that roughness slightly decreases in all the specimens with nomination A (without holes)
and in the specimens with nomination B and C (transverse and longitudinal pits, respectively), in the
direction of the applying load and slightly increases in the transverse direction. The last behavior may
be related to microplastic deformation in tension for the longitudinal direction and compression for
the transverse direction.

In Table 3 are listed measured values of roughness before * and after ** the conventional fatigue
tests; together with testing parameters: NT the target number of cycles, NF the real number of cycles,
Fmax the value of maximum force, σmax the maximum stress in the specimen, R the load ratio and f the
frequency of the cyclic loading.
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Table 3. Roughness on specimens of aluminum alloy 7075-T6, before * and after ** the conventional
fatigue tests.

# NT NF
Fmax

(KN)
σmax

(MPa)
R

f
(Hz)

Ra
Localization

(a)
(μm)

Ra
Localization

(b)
(μm)

Ra
Localization

(c)
(μm)

Ra
Localization

(d)
(μm)

A1 107 382,956 4.86 110 0.1 20
* 0.179 0.252 0.225 0.705

** 0.144 0.358 0.292 0.230

A2 50,000 50,000 4.75 110 0.1 20 * 0.141 0.409 0.322 0.643

A3 107 460,002 4.39 110 0.1 20
* 0.127 0.381 0.223 0.578

** 0.125 0.244 0.220 0.558

A4 107 354,215 3.49 110 0.1 20
* 0.17 0.323 0.193 0.871

** 0.176 0.298 0.224 0.548

A5 107 107 2.31 110 0.1 20
* 0.103 0.556 0.197 0.747

** 0.09 0.283 0.182 0.660

A6 105 105 2.25 110 0.1 20
* 0.105 0.48 0.145 0.253

** 0.113 0.441 0.158 0.606

A7 200,000 200,000 2.34 110 0.1 20
* 0.128 0.379 0.138 0.590

** 0.104 0.258 0.185 0.575

A8 107 107 2.27 110 0.10 20
* 0.11 0.628 0.164 0.619

** 0.103 0.331 0.158 0.590

B1 106 692,023 4.24 110 0.1 20
* 0.31 0.538 0.4 0.731

** 0.271 0.375 0.755 0.999

B2 104 104 4.88 110 0.1 20 * 0.794 0.663 0.547 0.487

B3 107 107 2.29 110 0.10 20
* 0.166 0.518 0.386 0.830

** 0.113 0.423 0.467 0.963

B4 107 165,047 3.38 110 0.1 20
* 0.228 0.467 0.403 0.866

** 0.145 0.393 0.342 0.885

B5 50,000 50,000 2.31 110 0.1 20
* 0.128 0.409 0.25 0.55

** 0.103 0.447 0.219 0.623

B6 105 105 2.29 110 0.10 20
* 0.119 0.599 0.18 0.633

** 0.125 0.450 0.189 0.654

B7 200,000 200,000 2.33 110 0.1 20
* 0.114 0.434 0.371 0.776

** 0.106 0.275 0.214 0.838

C1 107 335,033 4.58 110 0.1 20
* 0.244 0.586 0.382 0.98

** 0.159 0.596 0.395 1.091

C3 107 107 2.28 110 0.10 20
* 0.163 0.483 0.336 0.912

** 0.149 0.288 0.278 0.530

C4 700,000 700,000 2.29 110 0.1 20
* 0.166 0.643 0.265 0.812

** 0.17 0.486 0.273 0.909

C5 50,000 50,000 2.22 110 0.1 20
* 0.168 0.580 0.383 0.877

** 0.127 0.450 0.339 0.672

C6 105 105 2.29 110 0.10 20
* 0.155 0.538 0.279 0.709

** 0.19 0.461 0.265 0.657

C7 200,000 200,000 2.32 110 0.10 20
* 0.167 0.582 0.248 0.712

** 0.14 0.286 0.282 0.715
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3.3. Microstructure of Crack Initiation and Propagation in Pre-Corroded Specimens and with Two Artificial Pits

Crack initiation for the pre-corroded specimens was frequently localized in one or some close
pre-corrosion pits, as shown in Figure 10a; whereas crack propagation was systematically developed at
the neck section of specimens, following an intergranular path, as illustrated in Figure 10b.

  
(a) (b) 

Figure 10. (a) Crack initiation in a pre-corrosion pit; (b) crack propagation following intergranular path.

For the two artificial pitting holes, the crack initiates at the bottom of pits in the case of transverse
pits, Figure 11a and it is localized at the bottom of one pit in the case of longitudinal pits, Figure 11b.
A numeric analysis is developed in the next section in order to investigate the stress concentration
factors induced by the two artificial pits in the transverse or longitudinal direction and its impact in
fatigue endurance.

 

(a) 

 

(b) 

Figure 11. (a) Crack initiation and propagation for two transverse pits; (b) crack initiation and
propagation for two longitudinal pits.
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3.4. Numeric Simulation of Stress Concentration

In order to assess the effect of artificial pits (two hemispherical pits oriented in transverse and
longitudinal direction in regard the applied load), numeric simulations were carried out on the testing
specimen. In Figure 12 is illustrated the stress distribution on the testing specimen without pits,
undergoing a total displacement of 130 μm. The maximum Von Mises stress is located at the neck
section with the value of 220 MPa (corresponding to the maximum applied stress in Figure 9 for
VHCF-B and VHCF-C).

 
Figure 12. Stress distribution of testing specimen with 130 μm of displacement at the end.

The numeric results for the specimen with two hemispherical pits in transverse direction and
separated 500 μm, are presented in Figure 13a. Physical fracture in this type of specimen is shown in
Figure 13b; the maximum numeric Von-Mises stress was 358 MPa, approximately.

 

Figure 13. (a) Stress distribution for two pits in transverse direction and 130 μm of total displacement;
(b) fracture on two pits in transverse direction.
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The stress distribution for the specimen with two pits separated 500 μm, this time in longitudinal
direction in regard the applied load, is illustrated in Figure 14a. The maximum numeric Von-Mises stress
was 320 MPa. Comparing Figures 12–14, the stress concentration factor is: 358/220 = 1.63 for two pits in
transverse direction and 320/220 = 1.45 for the two pits in longitudinal direction. Stress concentration
factors was obtained by numeric simulation in different materials and conditions [24–26]. Numeric
analysis in Figures 12–14 was obtained with the Ansys software (Version R19, Ansys Inc., Canonsburg,
PA, USA), SOLID187 element type and 36,039 and 35,945 elements, respectively. One end side of
specimen was fixed as boundary condition.

Figure 14. (a) Stress distribution for two pits in longitudinal direction and 130 μm of total displacement;
(b) fracture on two pits in longitudinal direction.

3.5. Numeric Determination of Stress Intensity Factor in Mode I

The stress intensity factor (SIF) in mode I during the crack propagation of aluminum alloy 7075-T6
was evaluated assuming as crack initiation a hemispherical pit generated at the surface, Figure 15.

The 3D numeric simulation can be reduced to a 2D numeric simulation under the following
considerations: the initial crack length is small (400 μm), compared with the specimen dimensions so
that plane stress is assumed. The 2D model is illustrated in Figure 16a, with the initial crack length
localized at the bottom of one pit, as shown in Figure 16b. Quadrilateral 2D elements was used:
25,636 elements and 26,190 nodes; fixed one vertical side of specimen for boundary conditions.
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(a) 

 

(b) 

Figure 15. (a) Numeric 3D model for evaluate the stress intensity factor in mode I, (b) section view.

  
(a) (b) 

Figure 16. (a) 2D numerical model to evaluate SIF in mode I; (b) initial crack length of 400 μm.

Crack growth is determined as straight-line segments across the 2D body in the interval 0–S,
divided into steps Δsi, i = 1 . . . n. For a determined state of stress and displacement (σ, u)i, at the
step i for the crack geometry Ei, the crack growth evaluation consists to determine the geometry Ei+1,
corresponding to i+1 step.

The propagation angle φi+1 and the incremental length Δai+1 for each step must be obtained;
the selected criteria for the crack growth direction was the normal to the direction of maximum hoop
stress [27,28]. Assuming 2D loading and cylindrical coordinate system at the crack tip, the asymptotic
circumferential and shear stresses in this region are represented by:
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Equation (1) represents the principal stress in the direction of crack propagation. The shear stress
σrθ is assumed vanishing in this direction; then, it is obtained:

σrϕ = 0 =
1√
2πr

cos
(ϕ

2

)[KI

2
(sin (ϕ) +

KII

2
(3 cosϕ− 1)

]
(3)

Here: φ is the angle of crack propagation in the tip coordinate system.
The mixed mode can be approached to single mode loading, which leads to: KII ≈ 0 and equation

3 becomes: KI sin(φ) = 0. The last result implies that φ = 0 for each step along the crack propagation.
Experimental observations seem confirm this result: crack initiation and propagation are developed
at the neck section of specimens, perpendicular to the longitudinal axis of specimen, as observed in
Figure 11a,b. The numeric domain was constructed with 25,636 quadrilateral elements and 26,190 nodes.
KI was evaluated using the displacement correlation method [29,30], with the displacement vectors in
the X direction Vi and the equation:

KI =
G

k + 1

√
2π
L

[4(V1 −V2) − (V3 −V4)] (4)

Figure 17 illustrates the parameters involved for the numeric evaluation of KI. The mechanical
properties were shear modulus G = 26 GPa, k = (3–4υ) for plane stress, L is the length of the singular
element and υ = 0.33 the Poisson’s coefficient.

Figure 17. Crack propagation parameters used in numeric simulation.

The numeric stress intensity factor in mode I was obtained taking the following sequence:

• Determination of stress and strain distributions on cracked structure;
• Evaluation of displacements vectors at the crack zone on the X direction, to calculate the stress

intensity factor in mode I;
• Compute the direction (ϕ = 0 for all steps), of crack extension and the incremental crack

surface construction;
• Compute the number of load cycles of last increment for crack growth simulation;
• Re-meshing of boundary, if necessary;
• Return to first point.

KI was computed from a0 = 400 μm to aend = 4000 μm (the wide at the specimen neck section).
Figure 18 shows the evolution of KI determined by FEA, using this method.
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Figure 18. Numeric stress intensity factor (SIF) evaluation in mode I by the displacement
correlation method.

3.6. Evaluation of ΔKTH, for Base Material and Specimens with Two Hemispherical Pits in Transverse Direction

The stress intensity factor range threshold ΔKTH was investigated for the base material and
specimens with two hemispherical pits in transverse direction regarding its longitudinal axis.

The initial crack size is small compared with the specimen dimension; then, the stress intensity
factor in mode I can be obtained with the approximation of edge crack in a semi-infinite body,
with the expression:

ΔKI = Y
√
πa (Δσ) (5)

With: Y the geometry correction factor, Y = 1.12. Ultrasonic fatigue tests were carried out
with R = −1; the compressive stress does not make contribution toward the advancement of the
fatigue crack. Under this condition, the stress intensity factor range was computed from Δσ/2.
Ultrasonic fatigue testing in the base material specimens presented no crack propagation using the
stress amplitude Δσ/2 = 95 MPa, with an initial crack length a0 = 400 μm; then, Equation (5) leads to:
ΔKTH ≈ 3.77 MPa (m)0.5.

The crack growth behavior can be represented in the stable crack propagation zone by the
Paris-Gomez-Anderson law:

da
dN

= C(ΔK)n (6)

The constant C and n are properties of tested material, determined by experimental results.
For the base material of 7075-T6 alloy at room temperature and R = −1, the corresponding values
were: C = 0.5 × 10−12 and n = 5 and for specimens with two hemispherical pits in transverse direction,
these values were: C = 3.3 × 10−12, n = 5.8. In Figure 19 are plotted the points da/dN-ΔK for the two
specimens in the log scale.

Values obtained for ΔKTH were: ≈ 4 MPa (m)0.5 and ≈ 1.8 MPa (m)0.5 for the base material and
with two pits, respectively. Reported values for ΔKTH with R = −1 and room temperature yielded close
to 4 MPa (m)0.5 [31]. This alloy coated with cladding layer under similar conditions as before and
using the effective stress-intensity factor range (ΔKeff), leads to a threshold comprised between 1 and
4 MPa (m)0.5 [32]. The value of ΔKTH for this aluminum alloy was reported decreasing when the load
ratio R increases, from R = −1, R = 0 and R = 0.5, regardless of taking ΔK or ΔKeff [33].

On the other hand, the number of cycles in the stable zone of crack growth, may be estimate by
the Paris–Gomez–Anderson equation:

NII =

aend∫
a0

da
C(ΔK)n =

aend∫
a0

da

C
[
Y(a)Δσ

√
πa
]n (7)
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With: NII the number of cycles in this zone, Y(a) the geometry factor, taken constant along the crack
propagation Y(a) = 1.12, a0 and aend the initial and the final crack length, respectively. Assuming that:
ΔK = ΔK0 (a/a0)1/2, together with: ΔK0 = Y(a0) Δσ (πa0)1/2, a0 = 400 μm, aend = 4000 μm, Equation (7)
becomes:

NII =
2a0

(n− 2)C[ΔK0]
n

⎡⎢⎢⎢⎢⎢⎣1−
[

a0

aend

] n
2−1
⎤⎥⎥⎥⎥⎥⎦ (8)

With: ΔK0 ≈ ΔKTH ≈ 3.77 MPa (m)0.5, n = 5 and C = 0.5 × 10−12, the number of cycles of base
specimen in this zone is: 678,162 cycles, less than 7% of the total fatigue life (≈10 million of cycles at
245 MPa, Figure 9), For the second case and using the values: C = 3.3 × 10−12 and n = 5.8, the number
of cycles in the stable zone of crack growth is reduced to 28,609 cycles, less than 1% of total fatigue life
of these specimens (2–3 million of cycles, Figure 9) at 220 MPa [34,35].

 
ΔΔ [ ]

Figure 19. Crack growth rate for the base material and specimens with two pits, under ultrasonic
fatigue tests.

4. Discussion

Conventional and ultrasonic fatigue tests were performed on the aluminum alloy 7075-T6 for the
base material, specimens with two hemispherical pits disposed in transverse and longitudinal direction
in regard the applied load and pre-corroded specimens. Two pits in transverse direction seem induce
higher detrimental effect in fatigue endurance associate with the high stress concentration factors,
which were determined by numeric simulation. Fatigue endurance for conventional tests revealed
similar behavior: the lowest values was observed for specimens with two pits in transverse direction.
Ultrasonic fatigue tests on aluminum alloy 7075-T6 were performed under similar condition compared
to this study for the nomination VHCF-A [36]. The fatigue endurance was lower compared to the
present study for the high load (260 MPa) and similar for the low load (200 MPa); this discrepancy is
probably related to difference on the mechanical properties. Concerning measurement of roughness
before and after testing under conventional fatigue tests, roughness decreases slightly after fatigue
tests in parallel direction to applied load and increases slightly in perpendicular direction to applied
load. These results may be associate with tension microplasticity in the first case and compression
microplasticity in the second case.

Crack initiates in one or more close pits in the case of pre-corrosion; this localization is at the bottom
of one or the two pits, in the case of two artificial pits. Crack initiation is frequently associated with the
localization of high stress concentration; physical observations were supported by numeric results.
The grain size mean value for this aluminum alloy was 80 μm and crack initiation may be triggered
from a single pit occupying a grain or comprising different grains, depending on the crack initiation pit
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size and localization. The crack propagation in all fatigue tests follows an intergranular path across the
specimen neck section; high temperature recorded for conventional fatigue was about 40 ◦C and close
to 31 ◦C in the case of ultrasonic fatigue, as illustrated in Figure 20, using a thermographic camera.

 
Figure 20. Temperature recorded by thermographic camera, during ultrasonic fatigue test.

The stress intensity factor in mode I was evaluated numerically using the Displacement Correlation
Method and the simplification of 2D domain; its values range from: ≈11 MPa (m)0.5 at crack initiation
(a0 = 400 μm) and≈22 MPa (m)0.5 at fracture (aend = 4000 μm). The stress intensity factor range threshold
ΔKTH was obtained for the base material and specimens with two hemispherical pits in transverse
direction: ≈4 and ≈1.8 MPa (m)0.5, respectively; these values are of the order found in literature.
The reduction of ΔKTH in the second case is related to stress concentrations induced by the two pits.
The number of cycles inside the stable zone of crack growth for the base material and specimens with
two pits in transverse direction were evaluated, leading to less than 7% of the total ultrasonic fatigue
life for the base material and less than 1% for specimens with two pits in transverse direction.

5. Conclusions

The following conclusions can be drawn from the present investigation;

• Ultrasonic fatigue tests were obtained on specimens of the aluminum alloy 7075-T6: base material,
with two hemispherical pits and pre-corroded. In the case of conventional fatigue: base material
and with two hemispherical pits;

• Pit orientation regarding the applied load plays an important role on the fatigue life of this
aluminum alloy: fracture occurs first, for specimen with two transversal pits, following by
specimens with longitudinal pits and pre-corroded specimens. The higher fatigue endurance
corresponds to specimens of base material;

• Under conventional fatigue tests Ra roughness parameter slightly decreases in the direction of
applied load after tests and slightly increases in perpendicular direction;

• Cracks initiate frequently associated with one or more pits for pre-corroded specimens and at the
bottom of one or the two artificial pits. Crack propagation was always located across the specimen
neck section, following a intergranular path;

• The stress concentration factor Kt, plays a principal role affecting fatigue endurance in the
pre-corroded and two pits specimens; values of Kt were obtained by numeric simulation;

• Stress intensity factor in mode I was obtained by numeric evaluation using the displacement
correlation method, from crack initiation to fracture;

• The stress intensity factor range threshold was obtained for the base material and for specimens
with two hemispherical pits in transverse direction;
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• Specimens with pre-corrosion and artificial pits present decrease of the number of fatigue cycles,
inside the stable zone of crack growth;

• Additional physical and numeric investigations should be undertaken to assess the quantitative
effects of pits in the corroded surfaces—particularly the interaction effects of close pits associated
with the crack initiation and propagation.
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Abstract: The microstructure, texture, and mechanical properties of the asymmetric welded joint
in variable polarity plasma arc (VPPA) welding were studied and discussed in this paper. The
asymmetric welded joint was obtained through horizontal welding, where the effect of gravity
caused asymmetric material flow. The results showed that the grain size and low angle grain
boundary (LAGB) at both sides of the obtained welded joint were asymmetric; the grain size differed
by a factor of 1.3. The average grain size of the Base Metal (BM), Lower-weld zone (WZ) and Upper-
WZ were 25.73 ± 1.25, 37.87 ± 1.89 and 49.92 ± 2.49 μm, respectively. There is discrepancy between
the main textures in both sides of the welded joint. However, the effect of asymmetric metal flow on
the weld texture was not significant. The micro-hardness distribution was inhomogeneous, the lowest
hardness was observed in regions with larger grain sizes and smaller low angle grain boundary.
During tensile strength tests, the specimens fractured at the position with the lowest hardness
although it has reached 89.2% of the strength of the BM. Furthermore, the effect of asymmetric metal
flow and underlying causes of asymmetric weld properties in VPPA horizontal welding have been
discussed and analyzed.

Keywords: microstructure; material flow; asymmetric weld; tensile strength; VPPA

1. Introduction

Aluminum alloy as a high-performance metal for producing lightweight equipment
is widely used in manufacturing industries to promote energy conservation, emission
reduction and highly efficient production [1,2]. Variable Polarity Plasma Arc (VPPA)
welding with advantages of high energy beam and variable polarity gas tungsten arc is
known as a “zero-defect” process in the medium thickness welding of Al-alloys [3,4]. VPPA
vertical-up welding is the most widely used method: gravity assists material flow into the
keyhole pool, producing high-quality welded joints. However, in non-vertical-up welding
gravity will cause asymmetric molten flow [5–7], resulting in an asymmetric weld which
can weaken the weld quality. Variable position welding is the bottleneck of VPPA Al alloy
welding; the flow of molten pool will be asymmetric because of the change of the angle
between gravity direction and welding direction, resulting in the asymmetric thermal field
distribution, thus affecting the mechanical properties of welding joints [2,6,7].

Recently, VPPA welding has caught wide attention in manufacturing industries [8–10].
In VPPA welding, an axisymmetric high-speed plasma flow can be created after being com-
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pressed by circular water-cooled nozzle in which the shrinkage of the tungsten electrode in
the circular nozzle is 3.5–4.5 mm [6–12]. A keyhole molten pool can be formed due to the
high energy density of VPPA. The welded joint of VPPA welding with a low distortion rate
is benefited by the concentrated heat input and great temperature gradient [13,14]. Keyhole
evolution and the metal flow of the weld pool in plasma arc welding have been studied,
indicating the high-speed plasma flow benefits weld formation at the rear side [15]. The
published works prove the advantages of VPPA in aluminum alloy welding. However,
non-vertical-up welding of VPPA should get more attention to widen the application of
this technology.

An arc with reduced arc pressure while maintaining the ability to make a stable key-
hole in VPPA horizontal welding has been proposed and verified in aluminum plates [6,7].
The optimal welding method and parameters of VPPA flat welding have been analyzed by
observing the metal flow using X-ray system and measuring the arc pressure [16,17]. In
previous researches, the weld formation and performance during VPPA horizontal welding
has been studied by monitoring filler wire positions and torch angles [8,11]. However, the
microstructure, texture distribution, and mechanical behavior of non-vertical-up welding
have not been studied previously. As the weld quality and properties are the key to evalu-
ating its application value, it is important to understand asymmetric metal flow under the
scheme of non-vertical-up welding.

The welded joint quality produced by arc welding depends primarily on accurate
positioning of the weld pool [3]. Exploring the microstructure and mechanical properties of
welded joints in non-vertical-up welding of VPPA is essential for applying this advanced
technology into the manufacture of modern components. Therefore, the texture distribution
and grain behavior of the weld in horizontal welding are studied. This work aims to
investigate the effect of asymmetric metal flow on microstructure, texture and mechanical
properties of the weld of VPPA welding. By studying the difference of the microstructure
and mechanical properties of asymmetric welded joints, the influence of asymmetric molten
flow on the weld formation can be clarified in this paper, providing the theoretical basis for
improving the weld quality of variable position welding.

2. Materials and Methods

2.1. Materials

5xxx Al-alloys with magnesium principal alloying element give substantial increases
in good corrosion resistance, machinability and weldability [12–14]. It is one of the mostly
widely used materials for aerospace, automotive and other industries. 5A06 Al plates with
the dimension of 300 mm × 150 mm × 5 mm are selected as the base material in this paper,
and the compositions were provided by Weihai Jindi Non-ferrous Metals Co., Ltd. (Weihai,
China) [12]. To avoid evitable error during or after the welding process, the wire ER5183
with the diameter of 1.2 mm and the same chemical composition as the base materials is
used [11], and the nominal chemical compositions are shown in Table 1.

Table 1. Chemical composition of 5A06 and ER5183 (wt.%) [11,12].

Materials Mg% Mn% Cr% Fe% Si% Zn% Cu% Al%

5A06 plate 5.80~6.80 0.50~0.80 - <0.40 ≤0.40 ≤0.20 ≤0.10 Bal.
ER5183 4.30~5.00 0.50~1.00 ≤0.1 ≤0.40 ≤0.40 ≤0.25 ≤0.10 Bal.

2.2. Experimental Method and Procedure

VPPA welding in horizontal way was conducted to investigate the effect of asymmetric
metal flow on the microstructure of Al welded joints. The welding process is shown in
Figure 1, the Z axis is the direction of gravity. Generally, the welding direction adopted by
VPPA is vertical-up. In vertical-up welding, gravity results in symmetric metal flow on both
sides of the keyhole. There is no asymmetry in the formation and mechanical properties
of welded joints [3]. In horizontal welding, gravity pushes most of the melted metals to
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the lower side, resulting in uneven flow of the molten pool. This results in an asymmetric
weld and microstructures in the welded joint with poor mechanical properties. To study
the effect of asymmetric metal flow on the microstructure and mechanical properties of the
welded joint, several steps has been carried out such as acid pickling and oxide removal to
eliminate the influence of external factors on the welded joint before VPPA welding [12].
A series of orthogonal tests were performed, a group of test parameters with beautiful
appearance and good formation of weld were selected. According to the determined
welding parameters, five tests were carried out, and a welding seam was selected to carry
out mechanical properties tests after determining the stability of the welding. The main
welding parameters including welding current (Direct Current Electrode Negative: DCEN;
Direct Current Electrode Positive: DCEP), travel velocity and gas flow rate are shown in
Table 2.

 

Figure 1. Schematic drawing of the VPPA welding process, (a) cross-section, (b) keyhole.

Table 2. Welding parameters.

Parameters Value/Units

Welding currents DCEN 135 A
DCEP 165 A

Welding direction Horizontal welding
Travel velocity 0.14 m/min
Welding power ≈4.5 KW
Wire feed speed 0.8 m/min
Wire diameter 1.2 mm

Shielding gas flow rate Pure argon with 15 L/min
Plasma gas flow rate Pure argon with 3.0 L/min

To study the effect of asymmetric metal flow on the microstructure and mechanical
properties of welded joints, an optical microscope (OM, Olympus LEXT OLS4100, Toyko,
Japan) is used to capture pictures of the cross-section of welded joint. Electron Back-
Scattered Diffraction (EBSD) (SEM, JSM-7900F, JEOL, Toyko, Japan) is carried out to further
study the microstructure, and the weld sample is electro-polished in a solvent consisting
of 30% nitric acid (Jiang Yun, Kunming, China) and 70% methanol (Jiang Yun, Kunming,
China) for 60 s at a temperature and voltage of −14 ◦C and 12 V [14,18]. Micro-hardness
and tensile strength are used to evaluate the mechanical properties. The micro-hardness
is measured with Vicker’s method using a Vicker hardness tester (SCTMC DHV-1000 Hz,
Hangzhou Quantum Testing Instrument Co., Ltd., Shanghai, China) with a 200 g (0.2 HV,
1.96 N) load for 15 s (the sampling points are shown in Figure 2a). There are four test
lines, the distance between each test line is 1 mm, and the distance between each test point
is 0.25 mm. Tensile tests were carried out at room temperature using a universal testing
machine INSTRON-5569 (Norwood, MA, USA) under standard NoGBT228-2002 of P.R.
China [14]. The size of the dog-bone specimen used to measure the tensile strength is
shown in Figure 2b. The results are taken as the average value of three samples.
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Figure 2. Schematic diagram for testing, (a) micro-hardness, (b) tensile strength.

3. Results

3.1. Weld Appearance

Figure 3 is the weld appearance and weld cross-section. The weld is smooth with
high visual quality of the weld surface, as shown in Figure 3a. Generally, the “striae” after
solidification during VPPA welding process is perpendicular to welding direction [8,11],
however, in this case, the average angle between the “striae” and WD was about 45 degrees,
as shown in Figure 3b. This phenomenon was caused by the asymmetric metal flow during
horizontal welding. Gravity pushes most of the melted metals to the lower side (the side
where the direction of gravity points to the side), resulting in uneven flow of the molten
pool and asymmetric weld appearance. The obtained welded joint was asymmetric and
the width of the weld surface and root surface were 11.5 and 7.9 mm, respectively. The
deviation between the top and bottom center lines was 1.8 mm, as shown in Figure 3c. The
deviation mainly happened at the weld surface, as shown in Figure 3c; it was indicated
that gravity had little effect on the material flow on the exit side of the keyhole.

 

Figure 3. Weld appearance and macrostructure, (a) weld surface; (b) weld root surface; (c) weld cross-section.

3.2. Microstructure of the Welded Joint

The welded joint was characterized into base metal (BM), weld zone (WZ) and fusion
line (FL). The fusion lines can be divided into Lower-FL (the side where the gravity points
to the side, in which more melted metal gathers due to the effect of gravity) and Upper-FL
(the opposite side). EBSD orientation mapping was carried out on those four regions, and
the selected zones are shown in Figure 4a. The heat affected zones (HAZ) are included in
the zones of c and e, as shown in Figure 4c,e. BM showed a typical rolling structure with
elongated gain substructures, as shown in Figure 4b. Fine equiaxed grains appeared in the
WZ, which is a typical microstructure of crystallization [19], as shown in Figure 4d. The
grain structure from BM to WZ in Lower-FL showed rolling, columnar and equiaxed grain.
The grain structure in Upper-FL is similar to that of Lower-FL, as shown in Figure 4c,e.

Figure 5 contains the corresponding inverse pole figure of the selected regions in
Figure 4a and the corresponding color key in the contours on the right side. In this study,
the transverse direction (TD) was parallel to the rolling direction of BM; normal direction
(ND) represent the direction of the thickness of BM; and the welding direction (WD) was
perpendicular to the rolling direction of BM. The density ranges (MUD) for BM, Lower-FL,
WZ, and Upper-FL were 0.65 to 1.69, 0.60 to 1.50, 0.66 to 1.49, and 0.58 to 1.99, respectively.
And the main textures were {101}, {111}, {102} and {001}, respectively. In general, the texture
intensity can be decreased because of crystallization during melting and solidification,
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which is induced by shear deformation and high temperature. Compared to the maximum
texture intensity in BM of 1.69, the maximum texture intensity of Lower-FL and WZ were
1.49 and 1.50, respectively. However, the maximum texture intensity in Upper-FL was 1.99,
which was higher than that of the result in BM. The texture intensity difference between
the tested regions was also affected by the materials. Therefore, there is no preferred
distribution of grain orientation, which indicates that the effect of asymmetric metal flow
on the texture distribution is not significant at the macro level.

 

Figure 4. Macro- and Micro-structure of the welded joint, (a) welded joint; (b) BM; (c) Lower-FL;
(d) WZ; (e) Upper-FL.

 
Figure 5. Inverse pole Figures, (A) BM; (B) Lower-HAZ; (C) WZ; (D) Upper-HAZ.

Figure 6 shows number fraction of the grain boundary angles of 2–15◦ and average
grain size, the grain boundary angles between 2◦ and 15◦ were defined as low angle grain
boundary (LAGB). The fraction of LAGBs decreased significantly from BM to WZ. LAGBs
occupied 30.39%, 14.34%, 10.21% and 12.95% from zone b to zone e. LAGBs not only affect
the plasticity, toughness, fracture and corrosion but also affect the brittleness and fatigue
property of the material. In this case, the number fraction of LAGBs of the WZ reduced
in comparison with the BM, indicating that significant recovery or recrystallization had
occurred during welding process [20,21]. The material fluidity can be improved by heat
input; it also can improve complete dynamic recrystallization [22]. The average grain sizes,
which were calculated by the linear intercept method, of the selected regions were also
shown in Figure 6. The average grain size in BM was 25.73 ± 1.25 μm, showing a typical
rolling structure with elongated gain substructures, as shown in zone b. Fine equiaxed
grains (a typical feature of dynamic recrystallization) appeared in WZ [8] with a grain
size of 34.55 ± 1.72 μm, as shown in zone d. It was observed that the Upper-FL (zone
d) has larger grain size than the Lower-FL (zone c) in the asymmetric welded joint. The
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average grain size in Lower-FL and Upper-FL were 34.33 ± 1.71 μm and 43.15 ± 2.16 μm.
The average grain size, in decreasing order, is zone e (Upper-FL) > zone d (WZ) > zone c
(Lower-FL) > zone b (BM). It can be concluded from this section that the average grain sizes
at both side of the asymmetric welded joint were asymmetric. An asymmetric temperature
distribution of the weld pool was produced by the asymmetric metal flow during the
welding process, leading to the non-equilibrium nucleation of grains in the welded joint.
That is, the asymmetric metal flow during VPPA horizontal welding has an influence on
grain grown during the crystallization.

Figure 6. Number fraction of the LAGBs and grain size.

3.3. Microstructure and Texture Evolution at Both Side of the Weld

This section explores the effect of asymmetric metal flow on the microstructure, texture
and mechanical properties of Al welded joint by VPPA welding. The microstructure and
texture evolution on both sides of the welded joint were studied in this section, including
four tested regions Lower-HAZ (heated affected zone where gravity points to the side),
Lower-WZ, Upper-WZ and Upper-HAZ, as shown in Figure 7a. The corresponding band
contrast results are shown in Figure 7b–e, and the corresponding grain boundaries are
shown in Figure 7(b1–e1). The grain in Lower-HAZ was columnar crystal, while the grain
size in Upper-HAZ was inhomogeneous. Both the Lower-WZ and Upper-WZ belong to the
perfect recrystallization zone, shown in the structure of equiaxed grains, whereas, the grain
size in those zones are different; the average grain size in Upper-WZ is larger than that
of the size in Lower-WZ. The results were caused by the inhomogeneous crystallization
temperature influenced by the asymmetric metal flow during welding.

Figure 8 shows the inverse pole Figure (IPF) color maps and IPFs of the selected
zone in Figure 7a. The texture of the Upper-HAZ and Upper-WZ was {001} while that
of the Lower-HAZ was {111}. The highest texture of those zones in Lower-HAZ, Lower-
WZ, Upper-WZ and Upper-HAZ were 4.40, 2.32, 3.32 and 2.92, respectively. It can be
obtained that the texture intensity of the HAZ and WZ was higher than that of BM. That
is, the heat treatment during the welding process increased the concentration of the grain
orientation distribution. In horizontal welding, melted metal gathers at the side where
gravity points to the side; the dynamic recrystallization at this region was more sufficient.
The texture intensity of this region was higher than that of the opposite side. Whereas,
the texture intensity of those regions were not significantly different, as the range was
between 2.3 and 4.4. It can be obtained that asymmetric metal flow has little effect on the
texture distribution.
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Figure 7. Microstructures at both side of the weld, (a) welded joint; (b–e) microstructure of the selected regions in (a);
(b1–e1) grain boundary of (b–e).

 

Figure 8. Inverse pole Figure color maps, (a–d) the selected zone shown in Figure 7a, (a) zone b; (b) zone c; (c) zone d;
(d) zone e; (a1–d1) the corresponding IPF of (a–d).

The average grain size and LAGB distribution at the selected zones are shown in
Figure 9. The average grain size in BM was 25.73 ± 1.25 μm, which is the smallest
grain in the whole welded joint. And the average grain size in the Upper-WZ was about
49.92 ± 2.49 μm, which is the biggest grain in the welded joint. The average grain sizes in
Lower-HAZ and Upper-HAZ were 30.79 ± 1.54 and 39.11 ± 1.96 μm, respectively. The
average grain size at the side where gravity points to the side was larger than the opposite
side because the heat accumulation at the opposite reduced during welding process. Lots
of heat was taken to the lower side with the melted metal flow [2]. A high heating rate
is beneficial for accelerating the crystallization [14]. Meanwhile, the crystallization in the
lower side was more complete than that of the opposite side. The misorientation angle
distribution was shown in the black line on Figure 9. The fraction of LAGBs decreased
significantly from BM to Upper-HAZ. LAGBs occupied 30.39%, 16.53%, 10.08%, 10.21%,
13.01% and 12.56%, respectively. LAGBs are primarily caused by dynamic recovery during
deformation, and are mainly within large grains or along grain boundaries [14]. In this case,
the range of LAGBs in WZ was between 10.08 and 13.01%, indicating that the difference
of the crystallization in both sides of the welded joint was not noticeable. Whereas, a
significant difference was obtained between Lower-HAZ and Upper-HAZ, indicating that
material flow and thermal process were different on both sides of the HAZ. The LAGBs
distribution in the whole welded joint was within 10–13%, which is acceptable within the
margin of error.
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Figure 9. Number fraction of the LAGBs and grain size.

3.4. Mechanical Properties

The micro-hardness distribution of the welded joint is shown in Figure 10. Generally,
the micro-hardness in the WZ, FL and HAZ are softer than that of BM in VPPA weld,
and the micro-hardness nearby the FL is softer than that of the WZ and HAZ, similar
to several researches [23,24]. For an overall view of the welded joint in this paper, the
highest micro-hardness appeared in BM, the value was among 85 HV and 90 HV. The
micro-hardness of WZ was lower than that of BM, the value was among 75 HV and 85 HV.
The lowest micro-hardness appeared nearby the FL, but the value of the Upper-FL was
lower than that of the Lower-FL; the micro-hardness of Lower-FL was about 70–75 HV,
and that of Upper-FL was about 65–70 HV. For an analysis of the hardness, the lowest
micro-hardness appeared near the Upper-FL, as shown in Figure 4. The asymmetric metal
flow contributed to the inhomogeneous hardness distribution.

 

Figure 10. Microhardness distribution of the welded joint.

According to the relation between the tensile strength and micro-hardness, the tensile
strength is proportional to the micro-hardness at the same welds [23]. The tensile strength
and elongation of the asymmetric welded joint and BM are shown in Table 3. The results
are the average value of two different tests of the same materials. The weld was tested to
319.8 ± 11.2 MPa, reaching about 89.2% of that of the BM. The value was the average value
of three tests, and the specimens were all fractured at the region nearby the Lower-FL. For
elongation, one of the important indexes to judge material properties, the result of the weld
was about 11.4 ± 0.8%, reaching about 45.2% of the BM. Figure 11 is the SEM fractography
of the fractured surfaces. Many tears and dimples appeared in the fracture surface of
the BM, showing a quasi-cleavage fracture, which was one of the ductile fractures, as
shown in Figure 11a,b. As for the weld, the fractured surface has the characteristics of
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ductile fracture-equiaxial dimples and elongation dimples, as shown in Figure 11c,d. It
is worth noting that the welds fractured at the Upper-FL, indicating that the Upper-FL is
the weakest link in the whole welded joint. The mechanical properties of the welded joint
were significantly affected by the asymmetric metal flow during VPPA horizontal welding.

Table 3. Tensile strength of the welded joint and BM.

Tested Specimen Fractured Position Tensile Strength/MPa Elongation/%

Base metal - 358.7 ± 9.3 25.2 ± 1.4
Welds Upper-FL 319.8 ± 11.2 11.4 ± 0.8

 

Figure 11. SEM of the fractured surfaces, (a,b) BM; (c,d) weld.

4. Discussion

From the above results, the microstructure, texture evolution and mechanical proper-
ties of the asymmetric welded joint have been obtained. The weakest zone of the welded
joint appeared nearby the Upper-FL. The effect of asymmetric metal flow and underlying
causes of asymmetric weld properties in VPPA horizontal welding have been discussed
in this section. Figure 12 shows the keyhole molten pool of VPPA horizontal welding.
There were few noticeable asymmetric phenomena in the keyhole entrance, as shown in
Figure 12a. The metal was melted at the leading side and solidified at the rear side after
flow around the keyhole, forming a surface weld. Figure 12b is the keyhole exit side, which
is an irregular ellipse. In VPPA horizontal welding, lots of the melted metal flows to the
side where gravity points, while a little stays at the opposite side [2,8]; the melting layer at
the lower side was 1.9 mm, whereas, at the opposite side it was only 1.1 mm. The keyhole
shapes and weld profiles are shown in Figure 13. With the accumulation of the welding
process, a portion of the melted metal at the opposite side flowed to the lower side, forming
an asymmetric keyhole, as shown in Figure 13a, resulting in an inhomogeneous keyhole
molten pool, as shown in Figure 13c. It’s worth noting that the melted metal has a high
temperature, that is, with the accumulation of the melted metal, the temperature distri-
bution around the keyhole is also inhomogeneous. The “striae” can express the situation
of solidification during the welding process, as shown in Figure 13b. The heat emission
condition of the keyhole is consistent because of the same material, whereas, the initiation
temperature at both sides of the pool is uneven. The temperature of the side where gravity
points to the side is higher than that of the opposite side [2].

For the free-growth model, the grain size is inversely proportional to the undercooling
ΔT; that is, grain grow depends only on undercooling (initial temperature) in this case.
The side with high temperature obtains small grain size, which agrees with the results,
as shown in Figure 9. According to the Hall-Petch relationship, the hardness increases
as the grain size decreases [25], which also agrees with this work, as shown in Figure 10.
The region nearby the Upper-FL has the lowest hardness distribution, and the grain size
here was about 49.92 μm, which is the highest value throughout the whole welded joint.
The lower hardness distribution at the Upper-FL may weaken the tensile strength. For
the mechanical properties of a material, the smaller the grains, the more uniform the
plastic deformation of the material is, because the plastic deformation can be dispersed
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among more grains. The smaller grains can enhance the dislocation among the grains,
resulting in better strength and toughness. That is, materials with larger grain size have
poor mechanical properties [22,26]. All this agrees with the results in this paper.

 

Figure 12. Keyhole molten pool of VPPA horizontal welding, (a) keyhole entrance, (b) keyhole exit.

 

Figure 13. Material flow and weld formation of VPPA horizontal welding, (a) keyhole entrance, (b) keyhole exit, (c) welded joint.

Generally, the energy of LAGBs is mainly derived from dislocation, with the density
of dislocation depending on the dislocation difference between grains. The interface energy
of HAGBs is higher than that of LAGBs [11]. LAGBs can prevent the crack from expanding
more. The blocking effect in the grain boundary is affected by the interface energy: the
smaller the energy of the grain boundary, the better its stability, and the clearer the blocking
effect [12]. Thus, materials tend to fracture with high probability at the region with higher
HAGBs, which is in accordance with our tensile test results. The texture component
distribution in the welded joint also has an influence on properties. However, the results
obtained in this paper show that the effect of the asymmetric metal flow of horizontal
welding on the texture distribution is not noticeable, as stated above.

In VPPA horizontal welding, the melted metal around the keyhole flowed to the
side where gravity points to the side along the keyhole boundary, causing an asymmetric
metal distribution on both sides of the molten pool [2,11]. The temperature distribution
around the pool was also affected by the asymmetric metal flow, which may directly affect
the weld solidification process [14]. The crystallization process at both sides of the weld
can be affected by the asymmetric metal flow during the welding process, resulting in
an asymmetric grain size and grain-boundary angle distribution and poor mechanical
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properties. It is worth noting that all the mechanical properties lost from the weld of VPPA
horizontal welding were lost directly due to gravity. The gravity effects on the asymmetric
metal flow should be weakened to improve the mechanical properties of the asymmetric
welded joint.

5. Conclusions

The effect of asymmetric material flow on the microstructure, texture and mechanical
properties of Al welded joint by VPPA welding has been studied in this paper. The results
obtained are as follows:

(1) In VPPA horizontal welding, asymmetric metal flow created an asymmetric weld,
resulting in asymmetric grain size, texture and GBA distribution on both sides of the
welded joint.

(2) The density ranges of texture in WZ, HAZ and BM were within 1.99, indicating the
effect of asymmetric metal flow on the texture distribution was not significant.

(3) The largest grain size appeared in the Upper-WZ, the average grain size was about
49.92 ± 2.49 μm, which was about 1.3 times than the opposite side.

(4) The hardness near the Upper-FL was lower than that of the Lower-FL. A higher
density of HAGB and lower hardness at the Upper-FL weakened the mechanical
properties of the welded joint, causing the tensile specimens to break at this region.
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Abstract: The 6061-T6 aluminum (Al) alloys was joined by the laser induced tungsten inert gas
(TIG) hybrid welding technique. It mainly studied the influences of welding parameters, solution,
and aging (STA) treatment on the microstructure and tensile properties of Al alloy hybrid welding
joints. Microstructures of the joints were also analyzed by optical microscopy and transmission
electron microscopy. Results showed that the laser induced arc hybrid welding source changed
the microstructure of the fusion zone and heat effect zone. STA treatment effectively improved the
mechanical properties of the softening area in the hybrid welding joint, whose values of the tensile
strength and elongation were on average 286 MPa and 20.5%. The distribution of the reinforcement
phases and dislocations distributed were more uniform, which improved the property of STA
treated joint.

Keywords: Al alloy; laser induced arc hybrid welding; heat treatment; microstructure

1. Introduction

Aluminum alloys are used as structural materials, due to the high strength, excellent corrosion
resistance, and low density, which makes them promising alternatives to steels for lightweight structures
such as vehicles and airplanes [1–7]. Aluminum alloys are also extensively used in aviation, vessel, and
electronics industries due to their light weight, high specific strength, good corrosion resistance, and
excellent mechanical properties [8–16]. Aluminum profile heat treatment is one of the most important
processes in the production of materials. Compared with other processes, heat treatment generally
does not change the shape of the specimen and the overall chemical composition, but rather provides
or improves the performance of the specimen by changing the internal microstructure of the specimen,
or the chemical composition of the surface of specimen. As a heat treatable alloy, 6061-T6 had found a
wide application in the fabrication of lightweight structures. It was excellent weldability over other
high strength aluminum alloys [17].

Lots of welding methods were used in the joining of aluminum alloys such as tungsten inert gas
(TIG), metal inert gas (MIG), laser beam welding (LBM), friction stir welding (FSW), hybrid welding
process, etc. Ahmad R et al. [18] investigated the effects of three filler wires, namely, ER5356, ER4043,
ER4047, on the microstructures and properties of a butt welded joint of AA6061 aluminum alloy by
TIG welding. Kulekci et al. [19] compared the mechanical properties of welded joints of AW-6061-T6
aluminum alloy gained by FSW and MIG, respectively. They pointed out that the joint obtained with
the FSW welding process had better mechanical properties and a narrower heat affected zone than
those obtained by the MIG process. Narsimgachary et al. [20] welded a 6061-T6 aluminum alloy by
the laser welding process and studied the temperature profile on the microstructure and mechanical
properties of the joint. Chen Zhang et al. [21] used 5–6 kW laser-arc hybrid welding source to weld an
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AA6082 aluminum alloy, and pointed out that the hybrid welding had some advantages, compared
with the joints welded by simple laser or pure arc, such as the higher fatigue limit, lower percent
porosity, grains refinement, etc.

Since the 6061-T6 aluminum alloy can be strengthened by the heat treatment process, several
researchers applied post-weld heat treatment processes to improve the properties of the welded joints.
Mohammad et al. [22] studied the influence of solution treatment and subsequent artificial aging
treatment on the joint of AA6061-T651 aluminum alloy by the TIG welding process. The results
showed that post-weld heat treatment significantly improved the mechanical properties of the joint,
due to grain refinement and precipitation hardening. Dong peng et al. [23] analyzed the effects of
aging treatment and heat treatment on the microstructure and mechanical properties of TIG-welded
6061-T6 aluminum alloy joints, and they pointed out that the mechanical properties of the joints were
improved significantly because of distributing of few precipitates in the welded seam. Elangovan
and Balasubramanian [24] investigated the effect of various post-heat treatments, namely, solution
treatment, aging treatment, and the combination of them on tensile properties of FSW-ed AA6061
aluminum alloy.

With the development of the Al alloy manufacture, the requirement of the Al welding joint was
not only the tensile strength, but also the plastic deformation capacity. It was very important for
the multilink manufacture process, when the welding process was in the midst link but not the final
process. The tensile strength of the above welding joints was high enough, but the ductility of the joints
still needs to be improved. The ductility of the joints was mainly influenced by the microstructure,
precipitate, and the dislocation of the joint. The low power laser induced arc hybrid welding source
changed the heat distribution of the fusion zone, which made an obvious effect on the microstructure
of the joint. Therefore, the ductility of the Al joints could be improved in laser induced arc hybrid
welding process. Therefore, the low power pulsed laser induced TIG hybrid welding source was
used to weld a 6061-T6 aluminum alloy in this essay. It was made to explore the influence of hybrid
welding parameters and PWHT treatment on the tensile strength and ductility of the hybrid welding
Al alloy joint.

2. Experiments

Commercial rolled 3 mm thick 6061-T6 aluminum alloy plates were used as base metal (BM),
and machined into the size of 100 × 50 mm. The ER5365 filler wire with diameter of 1.2 mm was
used in the experiments. Their chemical compositions are shown in Table 1. Figure 1 is the optical
microstructure of BM. It was found that the grains in BM were elongated along the rolling direction,
the grey phase was the matrix of α (Al), and black and white precipitate phase were β-Mg2Si and
Al-Fe-Si, respectively. Table 2 presents the main mechanical properties of BM [2].

Table 1. Chemical compositions (wt%) of base metal and filler wire.

Elements Mg Si Fe Zn Cu Al

6061-T6 (BM) 1.00 0.55 0.36 0.01 0.26 Bal
ER5356 (filler wire) 5.10 0.20 0.20 0.10 0.01 Bal

Table 2. Mechanical properties of BM.

Material Ultimate Tensile Strength (MPa) Elongation (%) Vickers Hardness (Hv)

6061-T6 (BM) 340 19 115
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Figure 1. Microstructure of aluminum (Al) alloy BM.

The Al alloy butt joints are welded by a laser induced arc hybrid welding source and the schematic
diagram of the welding process is shown in Figure 2. In the experiment, α is the angle between TIG
touch and horizontal, β is the angle between filler wire and horizontal, d is the distance between the
laser incident point and filler wire on the plate, and Dla is the distance between the laser incident point
and tungsten electrode on the plate. The main welding parameters are shown in the Table 3. The pulse
laser is used in the experiments. The pulse duration is 2 ms.

 

Figure 2. Laser induced arc hybrid welding process and the schematic diagram.

Table 3. Main parameters of laser induced arc welding Al alloy processes.

Arc Current (A)
Average Laser

Power (W)
Welding Speed

(mm·min−1)
Pulse Repetition

Rate (Hz)
Peak Power (W)

100–150 800–1000 500–700 40 6000~8500
β (◦) h (mm) d (mm) α (◦) Dla (mm)

50 1.5 1.5 45 2

To understand the influence of post-weld heat treatment on the mechanical properties of the joints,
the specimens were divided into two categories, namely, hybrid welded (HW) joints and solution
treated and aged (STA) joints. In the process of STA treatment, the joints were treated in the furnace at
475, 520, and 565 ◦C for 1 h, quenched in a cold water bath and then were kept in the induction furnace
at 155 ◦C for 8 h. The property of the STA joint with 520 ◦C treatment showed the best results, thus
only the STA joint with 520 ◦C treatment was discussed in the article.

To evaluate the mechanical properties of specimens, BM, HW, AG, and STA joints were machined
into the required dimensions according to the ASTM E8 E8M-11 standard. The tensile test was carried
out at room temperature and a speed of 2 mm/min by using an electro-mechanical controlled universal
testing machine. Three samples were tested for each treated joints and BM, and the average values
were calculated to evaluate the tensile properties of the specimens.
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The joints were sliced into a small suitable size, grinded, and polished according to the
metallographic specimen preparation standard, etched by Keller reagent (1.5 vol% HF + 1.5 vol%
HCl + 2.5 vol% HNO3 + 95 vol% H2O) for 1 min, and then observed by an optical microscope (OM).
Hardness test was performed on the cross section of the joint. The distance between each two test points
is 0.25 mm. Scanning electron microscopy (SEM) was used to character the fracture surfaces of the
tensile specimens and understand the failure patterns of the specimens. The phase compositions of
welding joints fractures were identified by a PANayltical (Almelo, Netherlands) Empyrean powder
X-ray diffractometer. The strengthening phases and dislocations were observed by transmission electron
microscopy (TEM), and the TEM samples were prepared by double-jet electrolytic polishing in an
electrolyte (30 vol% nitric acid and 70 vol% methanol) at a temperature of −35 ◦C with a voltage of 20 V.

3. Results

3.1. Welding Process

In order to investigate the influence of the main welding process parameters on the geometrical
dimensions of the weld seam, the influence of the laser beam power, arc current, and welding speed on
the welding joint morphology are shown in Figure 3.

Number P I V (W) (A) 
(mm•min 1) 

Welding Joint 
Morphology 

Cross Section of 
Joints 

1 750 130 500  
  

2 750 150 550  
  

3 750 160 600  
  

4 800 130 550  
  

5 800 150 600  
  

6 800 160 500  
  

7 900 130 600  
  

8 900 150 550  
  

9 900 160 500  
  

Figure 3. Morphology and cross section of welding joints in different parameters.
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It could be found that the arc current has the most significant effect on the weld geometry,
compared with the laser beam power and welding speed. Except the arc current, the welding speed
was another factor that influenced the reduction of the geometry of the weld seam, which had a
significant effect on the front height and back height. Compared with the other two parameters, the
laser beam power had a smaller effect on the weld geometry, but it had a greater effect on the weld
width, which was higher than the other two factors.

The best parameters of the laser induced arc welding 3 mm thick Al alloys are shown in Table 4.
The welding appearance and macrostructure of the joint are shown in Figure 4. The welded joint
was obtained in the free formation state. It could be found that the welding appearance was uniform
and no hump defects. There was no welding porosity and the cracks in the laser induced arc hybrid
welding Al alloys joint. The width of welding beam was about 5 mm on top of the joint and 3 mm at
the bottom of the joint. The heat effect zone of the joint was less than 2 mm.

 

Figure 4. Appearance and the macrostructure of hybrid welding Al alloys joint.

Table 4. Best parameters for 3 mm thick Al alloys hybrid welding process.

Arc Current
(A)

Average Laser
Power (W)

Welding Speed
(mm·Min−1)

Pulse Repetition
Rate (Hz)

Pulse Peak
Power (W)

Filler Speed
m/Min

150 900 600 40 8000 2

3.2. Tensile Properties

In order to understand the property of the hybrid welding joint, the tensile tests of the joints were
put forward in different conditions. Table 5 shows the results of the transverse tensile test. The base
metal (BM) showed a tensile strength and elongation of 340 MPa and 19%, respectively. However, the
tensile strength and elongation of the hybrid welding (HW) joint were 234 MPa and 15.2%, respectively.

Table 5. Transverse tensile properties of laser–arc hybrid welded 6061-T6 joints.

Joints
Ultimate Tensile
Strength (MPa)

Elongation
(%)

Joint Efficiency
(%)

Fracture Positions of
Tensile Specimens

BM 330~340 18.7~19.4 100 BM
HW 230~240 14.30~15.71 66.8~70.8 HAZ

AW (155 ◦C, 8 h) 235~245 13.8~16.1 71.2~74.2 HAZ
STA (520 ◦C) 283~288 19.01~22.02 83.2~87 FZ (Fusion zone)

Firstly, the HW joints were treated with only artificial aging (155 ◦C, 4/8/12 h), but the only
ageing treatment had no obvious improvement in the static tensile properties of the joints, thus it was
not discussed.

As it was fractured on the HAZ of the HW joint, the solution treatment and ageing (STA) was
done in different conditions. The STA treatment offered the obvious improvement on the mechanical
properties of the joints. The values of the tensile strength and elongation of the STA joints were on
average 286 MPa and 20.5%, which were 22% and 34% greater than those of HW joints, respectively.
It should be pointed out that the fracture locations of HW joints were all in the HAZ, however the
solution treated and aged HW joints failed in the fusion zone (FZ). The ratio of the tensile strength of
the joints to the tensile strength of base metal was known as the joint efficiency [25–29]. The single
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HW joints exhibited joint efficiencies of 68.82%, respectively, while the STA joints showed a high joint
efficiency of 83.2%~87%.

3.3. Hardness

The Vickers hardness of the 6061-T6 aluminum alloy was about 110–120 Hv. Due to the heat
resource acting on the center of the weld, the heating cycles for both sides of the weld suffered were
the same during the welding process, thus the hardness distributions of the two sides should be
similar. Figure 5 shows the hardness distribution of the hybrid welded joints under different treatments.
The average hardness of the fusion zone was about 60–70 Hv. The lowest the hardness 53 Hv was
observed in HAZ. After aging treatment, the hardness of each zone increased a little. However, the
location of the lowest hardness was also in the HAZ.

As for the STA treatment joints, the change of the hardness of the fusion zone was similar to that
of aged joints and the average hardness was 70 Hv. It was also noteworthy that the hardness of the
STA joint had been greatly improved in the heat effect zone. Due to the great change of microstructure,
the hardness of the STA treatment BM was lower than that of the original BM.

 

Figure 5. Hardness distributions of different treated joints.

3.4. Microstructure

The hybrid welded joints were initially observed by an optical microscopy and the microstructure
of different zones of the HW joint are shown in Figure 6. The joint consists of three zones, namely,
a fusion zone (FZ) (Figure 6a), a partial fusion zone (PFZ) (Figure 6b), and a heat effect zone (HAZ)
(Figure 6c). The FZ was composed of a large number of equiaxed crystals and a small amount of
columnar crystals. In the PFZ, there were plenty of columnar crystals along the direction that was
perpendicular to the fusion line. Aluminum alloys have a high thermal conductivity, therefore the
welding heat can quickly spread to HAZ, resulting in the microstructure of this zone (Figure 6c) being
completely different from that of base metal. The soften area of the joint was formed because of the
grain coarsening and the reversion of strengthening β” (needle-like Mg2Si) precipitates, thus the tensile
tested specimens failed in this region. Plenty of nonhardening β phases (flaky Mg2Si, black precipitates
in Figure 6c) can be found in HAZ, which are formed with the effect of welding thermal cycle.
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Fusion zone Partial fusion zone 

 
Heat effect zone 

Figure 6. Optical microscopy of hybrid welding 6061-T6 joints.

The different regions of HW joint under STA treatment are presented in Figure 7. Compared with
the corresponding area of the as-welded and artificial aged joints, the grain size and morphology had
no obvious change, and the number of large size black precipitates was reducing and distributed more
uniformly in the α (Al) matrix. However, it did not mean that the microstructure of the HAZ was not
changed, as it was not observed simply by the OM test.

  
Fusion zone Partial fusion zone 

Figure 7. Cont.
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Heat effect zone 

Figure 7. Optical microscopy of solution treated and aged 6061-T6 joints.

3.5. Fracture

The failure patterns of the tensile tested specimens are characterized by SEM, as shown in Figure 8.
A large number of dimples were found in all the fracture surfaces, which indicated that most of the
failure was the result of ductile fracture. It can be observed that the dimples on the fracture surface of
the STA joints (Figure 8b) are smaller than those of HW joint (Figure 8a). The experimental results
were consistent with the conclusions offered by Hu and Richardson [30], which reported that there
were a large number of fine dimples on the surface of the solution heat-treated samples. In the tensile
process of ductile material, voids often formed prior to necking. If the necking was generated earlier,
the formation of voids would become more dominant. The coarse and elongated dimples could be
seen in the welded joints (Figure 8a) [28]. Figure 8c shows the XRD analysis results of the STA joint
fracture, and Mg2Si is found on the fracture.

  
HW joint STA joint 

 
XRD results of STA joint 

Figure 8. SEM and XRD of tensile tested specimen fractures.
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3.6. Discussion

Figure 9 shows the distribution and shape of the strengthening precipitates in the FZ and HAZ
under different heat treatment conditions. Mg2Si is the major precipitate in 6000 series aluminum
alloys. In the solution and aging (STA) joint, according to the different conditions (temperature),
precipitation phases with different morphologies and strengthening effects would be sequentially
precipitated. The precipitation process is generally: Supersaturated α solid solution→ G·PI region
(spherical objects without independent lattice structure)→ G·PII region (needle-like ordered structure
β ”)→ β ′ (rod-like semicoherent structure)→ β (flaky equilibrium phase Mg2Si).

The coherent precipitates known as β” (needle-like Mg2Si) made the most strength effect on the
mechanical property of the BM. A lot of tiny needle-shaped β” precipitates uniformly distributed through
the base metal (Figure 9a,b). In the low-magnification overview, only a small amount of nanometer
precipitates could be seen, which illustrated that most of Mg2Si in the BM exists in the form of β”.

Due to the direct effect of the hybrid welding source and the feeding of ER 5356 filler wire,
the component and precipitates of the joints had been modified significantly in the FZ, and the
precipitates state had been also changed in the welding process in HAZ. At low magnification, no
β” is found in the FZ of HW joint (Figure 9c). Compared with the base metal, the majority of β”
precipitates are transformed into a weak hardening rod—shaped β′ precipitates or the equilibrium
flake β phases in the HAZ (Figure 9d), therefore some large particle black β phases can be observed in
Figure 6c. As for simple artificial aged (AG) joints, a small quantity of precipitates agglomerated in the
FZ (Figure 9e), and the density of the precipitates was higher than that of HW joint HAZ (Figure 9f). In
the FZ and HAZ, most of the alloying elements were existing in the equilibrium strengthening phase.
Therefore, it was difficult for the precipitation of strengthening β” phase.

After the HW joint was treated by STA, a lot of nano-sized precipitates can be found in Figure 9e
and f. Plenty of β” were uniformly distributed in the FZ and their average width and length were
about 9 and 190 nm, respectively. A great number of precipitates were uniformly dispersed in α (Al)
matrix in the HAZ, whose size was varied between 25 and 130 nm. In the hybrid welding process,
the Al alloy was fully melted, and the precipitate size was mainly decided by the solidification rate.
However, in different parts of the laser induced arc hybrid welding fusion zone, the solidification rate
was obviously different, thus the size of precipitate was changed in extent.

In the process of solid solution treatment, the alloy elements were dissolved into α solid solution
as much as possible. Therefore, in the subsequent aging process, the precipitates were much more
uniformly distributed than that under HW joint or aged state. At the same time, the content of Mg
element in feeding of ER5356 filler wire was higher than that of BM, and it would provide a favorable
condition for the formation of β” precipitate, thus the content of precipitates in the FZ was more than
that in HAZ.

Figure 10 shows the spectral analysis results of precipitated phases in Figure 9d. Through the
analysis of the organization of different regions, it was found that the elemental composition of this
region was mainly composed of element Mg and Si. The element Cu was found, because of the influence
of copper sample stage. Therefore, it could be deduced that the precipitated phases in this area was
mainly the Mg2Si phase [24].
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Base materials Enlarged images of base materials 

  
Fusion zone of the welding joint HAZ of the welding joint 

  
Fusion zone of the STA joint HAZ of the STA joint 

Figure 9. Distribution of β” and in β in 6061-T6 BM and hybrid welded joints.
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Figure 10. Spectral analysis results of precipitated phases in Figure 9d.

Figure 11 shows the dislocations structures of the BM and HW joints treated by different processes.
Since the BM is in the rolling state, the dislocation density inside the BM grains was very high.
The density of the dislocation was decrease in the hybrid welding joints (Figure 11a,b), especially in
the HAZ of hybrid welding joint, where it did not find the dislocation tangling cells, but instead the
dislocation stripes. In STA joints, the dislocation fringes were transformed into a single dislocation
fringe with a more uniform distribution (Figure 11d,e). Therefore, the dislocation in STA joint had
been rearranged in some extent.

 
Base metal

Figure 11. Cont.
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FZ of HW joint HAZ of HW joint 

  
FZ of STA joint HAZ of STA joint 

Figure 11. Dislocation structures in 6061-T6 hybrid welded and solution and aging (STA) joints.

From the experimental results, it was found that mechanical properties of HW joints were lower
than those of the base metal. The failure location was about 4 mm from the center of the weld, where it
corresponded to the position of the lowest hardness. With the effect of welding thermal cycles, the
grains were coarse in the HAZ of HW joint (as shown in Figure 6c), and the β” precipitates transformed
into no or weak hardening β′ or β phases (Figure 9d). It became the crack sources in the process
of tensile tests, therefore, a weak area was formed at the HAZ of HW joint, causing the specimen
to failure.

In laser induced TIG hybrid welding Al alloy joint, the welding heat input was obviously lower
than that in the TIG welding process. The microstructure in the fusion zone of HW joint was the fine
equiaxed grain, whose size was evidently smaller than that in the BM. In the STA process, the grain
size of the fusion zone was not changed, which exerted a beneficial effect on the property of the joint.
Therefore, it could be deduced that: (1) After STA treatment for HW joint, there is no significant change
in grain size in the FZ and it is helpful for the property of the joint; (2) the dislocation configurations
in the corresponding regions of the HW joints are different, and the dislocations are changed after
STA treatment, which is re-uniformly arranged due to recovery softening; (3) after STA treatment,
nano-level strengthening phase β” with uniform distribution appears in the joint, which plays a
dominant role for the property improvement of the STA joint.
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In the heat treatment strengthening aluminum alloys, the properties of the joints were determined
by the existing forms, quantity, and distribution of the strengthening phases and also related to the
density and distribution of the dislocations [31]. The diffuse precipitation precipitates strengthen and
the density of dislocations reduction made an obvious influence on the comprehensive properties
of materials. In addition, the uneven distribution of dispersed precipitates and dislocations in the
HW joint would lead to stress concentration on HAZ in the tensile test process, resulting in uneven
deformation of the specimens in each part. Therefore, the properties of the HW joint would be reduced
because of the strengthen phase precipitation and stress concentration.

For the STA joints, the dispersion strengthening of β” phase played a dominant role, thus the
tensile strength and ductility of the STA joints were improved. In addition, the dislocations density
in the FZ and HAZ of STA joints were changed to a similar level. Still the grain size of the FZ was
slightly smaller than that of the base metal, and the grain size of the HAZ was nearly same with the
BM. Therefore, the degree of deformation during the tensile test process gradually become uniform,
and the elongation of the STA joint has been improved obviously. Due to lower tensile properties of
the filler wire, the STA joint all failed approaching the fusion zone.

4. Conclusions

In this research, the influences of welding parameters and STA treatment on the microstructures
and mechanical properties of the laser induced TIG hybrid welded 6061-T6 joints have been investigated
and the main conclusions can be derived as follows:

The arc current made an obvious effect on the welding joint morphology. The microstructure of
the laser induced arc hybrid welding Al alloy joint was mainly composed of the fine equiaxed grain
and a small amount of columnar crystals, which made a beneficial effect on the STA treatment process.
The aging treatment and solution and aging treatment made little effect on the grain size of the hybrid
welded joint.

The tensile property of laser induced arc hybrid welded joint was 69% of the base metal, which
was mainly influenced by the reduction of β” phase. After the solution and aging (STA) treatment, the
tensile property of the STA treated joint was 84% of the base metal, and the elongation of the joint
was same as the base metal. The tensile strength and the ductility of the laser–arc hybrid welded Al
alloy joints were improved by the hybrid effect of grain size refinement in the hybrid welding fusion
zone and the STA treatment. After STA treatment, the nano-level strengthening phase β” with uniform
distribution appeared afresh in the joint, which played a dominant role for the property improvement
of the joint.
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Abstract: The mechanical properties of heat-treatable aluminium alloys are improved and adjusted by
three different heat treatment steps, which include solution annealing, quenching, and aging. Due to
metal-physical correlations, variations in heat treatment temperatures and times lead to different
microstructural conditions with differences in the size and number of phases and their volume fraction
in the microstructure. In this work, the investigations of the correlation between microhardness
measurements on micro samples and the conventional mechanical properties (hardness, yield strength
and tensile strength) of macro samples and the comparability of the different heat treatment states
of micro and macro samples made of a hardenable aluminium alloy EN AW-6082 will be discussed.
Using the correlations between the mechanical properties of micro samples and macro samples, the
size of the samples and, thus, the testing cost and effort can be reduced.

Keywords: characterization methods; scalability; mechanical properties; aluminium alloys

1. Introduction

The mechanical properties of heat-treatable aluminium alloys are improved and adjusted by
three different heat treatment steps, which include solution annealing, quenching and aging. Due to
metal-physical correlations, variations in heat treatment temperatures and times lead to different
microstructural conditions with differences in the size, the number of phases and the volume fractions
in the microstructure. The resulting mechanical performance depends on the heat treatment parameters,
and the material condition can be described in relation to the most often-preferred T6-condition, which
reaches maximum hardness and strength values.

In the case that the mechanical properties of a new alloy need to be estimated fast, either modeling
or experimental high-throughput characterization methods can be used. Most models for calculating
the mechanical properties of precipitation-hardenable aluminium alloys after the heat treatment are
based on metal-physical interrelations and require exact knowledge of the chemical composition of the
alloy and the material conditions. The basis for calculating the changes in mechanical properties is
information about the microstructure development of the heat-treated parts during the precipitation
hardening. Therefore, many models require the parameters of the strength-enhancing phases such
as size, number and/or distribution as input variables for the prediction of mechanical properties.
The determination of the input variables requires experimental methods with high technical effort
and specific sample preparation, such as small-angle X-ray scattering [1,2], small-angle neutron
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scattering [3], transmission electron microscopy [2–6] or differential scanning calorimetry [5,7]. In many
cases, the basic equations of solid solution strengthening and precipitation hardening are used to
calculate such mechanical properties as the yield, tensile strength and hardness [4,5,7–9]. As shown in
Reference [10], the correlation between the Vickers hardness and tensile strength for the same material
can also be determined accurately using a relatively simple relationship that depends on the quenching
rate, aging temperature and aging time.

If the properties need to be characterized in a high-throughput method, the speed of both
sample production and characterization must be increased. One way to reduce the processing time
of different melts is to reduce the sample size. However, rapid material development means not
only the rapid production of new alloys, such as rapid alloy prototyping [11], but also rapid material
characterization [12]. A disadvantage of this is that many test methods such as tensile tests require a
specific specimen geometry and size.

Within the Collaborative Research Center “Farbige Zustände” (CRC 1232) of the German Research
Foundation (DFG), a novel high-throughput method for evolutionary structural material development
is approached using micro samples (<1 mm) and adapted mechanical testing methods, which, therefore,
reduces the testing cost and effort [13]. Microstructural changes as well as manufacturing influences
on the material state of steel and aluminium materials are investigated. Spherical micro samples of
different alloy compositions can be provided very quickly with droplet generators, as described in
Reference [14], which enables both time-reduced and cost-reduced manufacturing of new types of
alloys by using small batches. Many characterization methods of these samples have already been
presented in Reference [15]. By combining results of different short-term characterization methods on
micro samples such as the micro compression test [16], the potential of transferability from the micro
to the macro scale regarding diverse material properties as strength, ductility and even machinability
is increased.

The aim of this work is to investigate the correlation between microhardness measurements on
micro samples and conventional mechanical properties, e.g., the tensile strength of macro samples,
to reduce the testing cost and effort on the example of the conventionally used and well-known
precipitation-hardenable aluminium alloy EN AW-6082. The scalability is investigated with the help of
mid-range sized meso samples on which conventional testing (HV5 and tensile tests) can take place.
Therefore, a direct connection can be drawn from the meso sample to the macro sample as well as from
the meso sample to the micro sample since the universal microhardness (UMH) measurements can be
performed on the micro level.

2. Materials and Methods

2.1. Material and Sample Geometry

All experimental investigations were performed on the aluminium alloy EN AW-6082.
The chemical composition of the alloy was measured by glow discharge optical emission spectroscopy
(GDOES) (MICA Analysen GmbH, Düsseldorf, Germany) and is presented in Table 1.

Table 1. Chemical analysis of the samples in wt.% in comparison with the limitations of the DIN EN
573-3:2013-12.

Material
Chemical Composition in wt.%

Al Si Mg Mn Fe Cu Others

Samples alloy bal. 0.916 0.727 0.437 0.381 0.086 <0.05

DIN EN 573-3:2013-12
min.

bal.
0.7 0.6 0.40 - - -

max. 1.3 1.2 1.0 0.50 0.10 0.15
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In this study, three different sample geometries are used (Figure 1): conventional tensile specimens,
referred to as macro samples (a), flat specimens with a thickness of 2.5 mm, referred to as meso samples
(b) and spherical specimens with a diameter of 1 mm, referred to as micro samples (c).

Figure 1. (a) Macro, (b) meso and (c) micro samples.

The flat tensile specimens with a length of 170 mm and small round samples with a diameter
of 4 mm were both manufactured from rolled sheets in a T6 condition with a thickness of 2.5 mm.
The spherical micro samples were produced in a droplet generator. The micro cross-section of the
samples before heat treatment can be seen in Figure 2. Figure 2a,b show a stretched microstructure
typical for rolled sheets with more stretched grains in rolling direction. The micro samples show both
a cellular and dendritic microstructure (Figure 2c).

 
Figure 2. Micro cross-section of the macro and meso samples before the heat treatment in (a) a
longitudinal to rolling direction, (b) transverse to rolling direction and (c) of the micro samples.

Due to the small sample size, micro and meso samples were prepared by embedding in a cold
curing epoxy resin and grinding to an equatorial plane with water-cooled SiC abrasive paper (grit
size of 320 to 1200). Before carrying out the tests, the surface of the samples was polished with a 1 μm
diamond suspension (roughness Sa of 4–8 nm).

2.2. Heat Treatment

In order to adjust the mechanical properties, precipitation hardening was applied. The design
of the experiments was conducted using Cornerstone® software (version 7.1.0.2, camLine GmbH,
Petershausen, Germany). The variation of heat treatment parameters was carried out according to the
D-Optimal experimental design [17]. The advantages of a D-Optimal experimental design included
significantly reduced experimental effort and maximum prediction power in the selected range of the
parameters. The parameters of solution annealing temperature (Ts) and times (ts) as well as aging
temperature (Ta) and duration (ta) were varied. Air, water and a polymer solution were used as
quenching media (Table 2). With these three quenching media, slow cooling, fast quenching and a fast
quenching with a reduction of the Leidenfrost [18] phenomenon could be achieved. During quenching
in water, the samples were immersed in a circulated water bath at a temperature of approximately
20 ◦C. Polymer quenching took place in a similar way to water quenching. During air cooling, the
samples were slowly cooled with an air blower.
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Table 2. Heat treatment parameters.

No. Ts (◦C) ts (h) QM Ta (◦C) ta (h)

1 500 0.25 Water 100 20
2 500 0.25 Water 240 2
3 500 0.25 Gas 100 2
4 500 0.25 Gas 170 11
5 500 0.25 Gas 240 20
6 500 0.25 Polymer 240 20
7 500 2.13 Polymer 100 2
8 500 4 Water 100 2
9 500 4 Water 240 20

10 500 4 Gas 100 20
11 500 4 Gas 240 2
12 500 4 Polymer 100 20
13 500 4 Polymer 170 2
14 530 0.25 Polymer 100 11
15 530 2.13 Gas 170 20
16 530 4 Gas 100 2
17 530 4 Polymer 240 2
18 560 0.25 Water 100 2
19 560 0.25 Water 240 20
20 560 0.25 Gas 100 20
21 560 0.25 Gas 240 2
22 560 0.25 Polymer 170 20
23 560 0.25 Polymer 240 11
24 560 2.13 Polymer 240 11
25 560 4 Water 100 20
26 560 4 Water 240 2
27 560 4 Gas 100 11
28 560 4 Gas 240 20
29 560 4 Polymer 100 2
30 560 4 Polymer 240 20

With the selected parameters not only T6, but also overaged and underaged heat treatment
conditions were reached. All these heat treatment states were characterized in Reference [10] with
differential scanning calorimetry.

2.3. Experimental Testing

After the heat treatment of the samples, different experimental tests were carried out. In quasi-static
tensile tests, the tensile strength (Rm) and yield strength (Rp0.2) were measured on the macro samples.
On both macro and meso samples, Vickers hardness measurements (HV5) were carried out. Universal
micro hardness (UMH) measurements were conducted on meso and micro samples.

For the quasi-static tensile tests of the macro samples, a servo-hydraulic testing machine of the
type PC 160M (Schenck, Darmstadt, Germany) was used. The tests were carried out according to DIN
EN 6892-1 at a displacement rate of 1 mm/min using strain gauges of the type FCA-2-23 (Preusser
Messtechnik, Bergisch Gladbach, Germany) to determine the yield strength Rp0.2 at a 0.2% strain. Three
macro samples of the same heat treatment condition were examined.

The Vickers hardness measurements were conducted according to DIN EN ISO 6507-1 on a
hardness testing device of the type LV-700AT (LECO Corporation, St. Joseph, MI, USA) with a load
of 5 kp (HV5). For the Vickers hardness testing, the repetition of the experiment varied due to the
sample size and required spacings of indentations. There were five hardness measurements done on
each macro sample (N = 5) and only one measurement on each meso sample (N = 1) since these meso
samples were too small for further indentations. However, three macro and meso samples of the same
heat treatment condition were used to calculate the mean values.
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The universal hardness measurements were performed on a Fischerscope H100C testing device
(Helmut Fischer GmbH, Sindelfingen, Germany) using a Vickers indenter and a maximum indentation
force of 200 mN. The loading time, holding time and relief time were set to 10 s each. There were
25 individual measurements carried out on each sample while investigating three meso and micro
samples in each heat treatment condition. Therefore, there were 75 measurements in total for each
condition. In the following, the indentation hardness (HIT 0.2/10/10/10) is used as a characteristic value
of UMH measurements for further comparison.

3. Results and Discussion

The aim of this work is to find correlations between mechanical properties of micro samples and
macro samples. The scalability is investigated with the help of mid-range sized meso samples on
which conventional hardness testing (HV5) can take place. Therefore, a direct connection can be drawn
from the meso sample to macro sample as well as from the meso sample to micro sample since the
UMH measurements can be performed on a micro sample. Figure 3 shows the measured hardness of
macro samples when compared to the hardness of meso samples. Only those heat treatment states
were further investigated, which exhibited a hardness deviation between the macro samples and meso
samples of less than ±10%.

Figure 3. Correlation between hardness of macro and meso samples.

In order to determine the correlation between macro and micro samples, the correlation between
the hardness and indentation hardness of meso samples is first investigated (Figure 4).
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Figure 4. Correlation between the hardness and indentation hardness of meso samples.

The correlation between the indentation hardness of meso and micro samples is shown in Figure 5.
In the same way as for the hardness of macro and meso samples, only those heat treatment states were
further investigated, which had a hardness deviation between the meso and micro samples of less than
±10%.

Figure 5. Correlation between indentation hardness of meso and micro samples.

Thus, the correlations between the indentation hardness of the micro samples and the indentation
hardness of the meso samples, correlation between the indentation hardness of the meso samples and
the hardness of the meso samples and correlation between the hardness of the meso samples and the
hardness of the macro samples were established (Figure 6).
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Figure 6. Schematic overview on investigated correlations between micro, meso and macro samples
based on conventional hardness (HV5) and indentation hardness (HIT 0.2).

The equation for calculating the hardness of macro samples using the measurements of the
indentation hardness on the micro samples is, therefore, as follows.

HVmacro = 0.0683·HITmicro − 7.4901 (1)

The hardness calculated with Equation (1) as well as the measured hardness are summarized in
Figure 7. Although the sample size and microstructure were different, a good accordance between the
calculated and measured hardness was achieved. The deviations were due to the individual measuring
methods on the one hand and to the differences in the heat treatment conditions on the other hand.
The macro, meso and micro samples were heat-treated with the same parameters, but the small samples
cooled down faster when compared to the large samples, which may have affected the final properties.
The data points excluded in Figures 3 and 5 were not considered in the calculation of the coefficient
of determination.

Figure 7. Calculated and experimental data for the hardness of macro samples.

The correlation between hardness and tensile strength as well as the yield strength can be seen in
Figures 8 and 9.
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Figure 8. Correlation between tensile strength and hardness of macro samples.

Figure 9. Correlation between yield strength and hardness of macro samples.

The tensile strength and yield strength were calculated with the correlations determined in
Figures 8 and 9. The hardness was calculated using Equation (1). The results were summarized in
Figures 10 and 11. It was, thus, possible to demonstrate that the tensile strength and the yield strength
can be predicted based on the indentation hardness, measured on micro samples, even though the
macro and micro samples were manufactured in a different way with resulting differences in the
microstructure. In the same way as for the calculation of hardness, the data points excluded in Figures 3
and 5 were not considered in the calculation of the coefficient of determination.
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Figure 10. Calculated and experimental data for the tensile strength of macro samples.

Figure 11. Calculated and experimental data for the yield strength of macro samples.

4. Conclusions

In this paper, a method for the fast and relatively accurate calculation of mechanical properties
after heat treatment (i.e., solution annealing, quenching and ageing) was presented using the example
of an age-hardenable aluminium alloy based on indentation hardness measurements on micro samples.
Using mid-range sized meso samples on which conventional hardness (HV5) and indentation hardness
measurements could be performed, a connection between the results of micro samples and macro
samples could be established, which allows a direct investigation of the scalability. It was demonstrated
that, despite different production routes and microstructures, the micro samples have a similar hardness
to the meso and macro samples.
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To evaluate this approach, the coefficient of determination was calculated for the correlation
between hardness (HV5) and indentation hardness (HIT 0.2/10/10/10) on a micro scale, which results in
R2 = 0.78. Furthermore, a coefficient of determination of 0.73 for the tensile strength and 0.75 for the
yield strength was calculated. Therefore, the results of this calculation method on the example of the
aluminium alloy EN AW-6082 show the potential of predicting mechanical properties by using fast
and resource-efficient producible micro samples. The transfer of this method to other alloys remains to
be evaluated.
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