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delle Marche

Italy

Editorial Office

MDPI

St. Alban-Anlage 66

4052 Basel, Switzerland

This is a reprint of articles from the Special Issue published online in the open access journal

Metals (ISSN 2075-4701) (available at: https://www.mdpi.com/journal/metals/special issues/high

temperature behavior metals).

For citation purposes, cite each article independently as indicated on the article page online and as

indicated below:

LastName, A.A.; LastName, B.B.; LastName, C.C. Article Title. Journal Name Year, Volume Number,

Page Range.

ISBN 978-3-0365-2199-2 (Hbk)

ISBN 978-3-0365-2200-5 (PDF)

© 2021 by the authors. Articles in this book are Open Access and distributed under the Creative

Commons Attribution (CC BY) license, which allows users to download, copy and build upon

published articles, as long as the author and publisher are properly credited, which ensures maximum

dissemination and a wider impact of our publications.

The book as a whole is distributed by MDPI under the terms and conditions of the Creative Commons

license CC BY-NC-ND.



Contents

About the Editors . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . vii

Elisabetta Gariboldi and Stefano Spigarelli

High-Temperature Behavior of Metals
Reprinted from: Metals 2021, 11, 1128, doi:10.3390/met11071128 . . . . . . . . . . . . . . . . . . . 1
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1. Introduction and Scope

The design of new alloys as well as the optimization of processes involving whichever
form of high-temperature deformation cannot disregard the characterization and/or mod-
elling of the high-temperature structural response of the material.

If this has been quite extensively investigated for conventional hot working processes,
there is still a lot to do to accumulate data and models and properly manage innovative
deformation processes, including more complex time and temperature combinations, where
process-related microstructural changes can severely affect the same processability of the
material as well as its final properties (structural or functional).

Similar considerations hold in the case of conventional or innovative metallic materials
for which ‘high-temperature deformation’ occurs during the high-temperature service of
the structural components. If extensive scientific literature is available for conventional
material and for ‘conventional’ service conditions reproduced by the constant load creep
test condition, there is much to investigate in the field of alloy and processing design. The
ultimate task is to widen the temperature and loading ranges of existing or innovative
materials, including improving the characterization methods and data for material behavior
under complex service conditions (i.e., environmental effects and combination of repeated
cycles, stress relaxation, presence of flaws, etc.).

Proper modelling of high-temperature material behavior in all these situations, while
considering the need of extending the ranges of applicability of these models, is another
important task to be considered in view of optimizing high temperature processing and
service of materials. In the latter case, the knowledge of the effects on the initial microstruc-
ture as well as the microstructural changes taking place during in-service deformation is of
course of paramount importance for the optimization of high-temperature structural alloys.

The present ‘High-Temperature Behavior of Metals’ Special Issue and book is a col-
lection of contributions presenting the recent advances in the field of high-temperature
structural behavior of metallic materials for a wide range of metallic materials. This collec-
tion ideally follows the ‘Creep and High Temperature Deformation of Metals and Alloys’
Special Issue and book [1], as the reader can witness the continuous evolution in the field
of alloy optimization, experimental methods, material modelling on the topic of the high
temperature behavior of metallic materials.

2. Contributions

Scholars have been invited to submit research papers dealing with innovative re-
search on specific aspects of high-temperature deformation behavior, so that the readers
could get at the same time the common basic approach to this topic as well as different
experimental methodologies for microstructural and structural high temperature mate-
rial characterization and establishing of their correlations in view of modelling. Among
the submitted manuscripts, 12 papers have been published in the issue. They are here
introduced, considering their main aim/s.

Metals 2021, 11, 1128. https://doi.org/10.3390/met11071128 https://www.mdpi.com/journal/metals
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2.1. Mmicrostructural Changes Induced by High Temperature Exposure

The strict correlation between microstructure and structural response has always been
of paramount importance in the field of high temperature alloys, both for the need to
initially optimize the microstructure in view of material performance, and for obtaining a
microstructural stability for bulk and surface material. The initial microstructure also plays
a role when hot deformation behavior is considered, even if in this case the optimized final
microstructure often remains the main target of the process.

A first contribution dealing with microstructure evolution at high temperature was
that by Balaško et al. [2]. The tool steel AISI H11 initially soft annealed or hardened and
tempered was exposed for up to 100 h in air in a temperature in the range 400–700 ◦C,
in order to investigate the effect of oxide formation by combining experimental analysis
and thermodynamic predictions. It was thus noticed that in the highest temperature range
(600–700 ◦C) the oxidation kinetics is slower for the hardened and tempered steel, since
the higher amount of dissolved elements in its matrix form a denser inner oxide sublayer,
preventing further diffusion of iron and oxygen.

The effects of reheat to 820 or 890 ◦C of a 9CrMoW steel (92 grade) weld metal
produced by GTAW were investigated by Chuang et al [3]. One-minute exposure at the
highest reheat temperature was enough to change microstructural features of the steel,
which displayed the tendency to early creep failures in creep tests performed at 630 ◦C.

The paper by Fuyang et al. [4] dealt with a heat resistant casting steel, the HP40Nb
grade. The microstructural changes occurring during its exposure at 900 and 950 ◦C, with
or without the concurrent presence of stress, affected the carbides’ composition amount
and morphology in intra- and interdendritic regions.

The effects of microstructure or microstructural stability, either directly correlated to
the manufacturing process, or induced by heat treatment or by prolonged high temperature
exposure simulating service, have also been considered in other contributions: for the two Al-
SiMg alloys differently produced and heat treated by Gariboldi et al. [5] and Paoletti et al. [6],
for the friction stir welded Mg alloy WE54 studied by Álvarez-Leal et al. [7], for the dy-
namic recrystallization in martensitic steels changes reviewed by Derazkola et al. [8], the
Ni-based alloys investigated by Llizzi et al. [9] and Engels [10], and finally the Mo-Si alloys
investigated by Krauss et al. [11].

2.2. Hot Deformation

The hot deformation response of metallic materials with given composition is strictly
correlated to their initial microstructure as well as to their changes occurring during
deformation at high temperature. The high deformation temperature here acts concurrently
to the other parameter typically controlled to characterize the high temperature behavior
of metals, i.e. strain rate. The analysis of the stress–strain curves obtained at different
temperature and strain rate levels can help to interpret what is going on within the material
during its deformation.

The contribution by Derazcola et al. [8] considers the above effects in a review on
dynamic recrystallization taking place during hot deformation in martensitic stainless steels.
The literature analysis led the authors to state that, among the three types of dynamic
recrystallization (discontinuous, geometrical and continuous), all taken into account in
literature on martensitic stainless, the continuous dynamic recrystallization is the most
common for the investigated material class, characterized by high stacking fault energy.

The optimization of processing parameters was the target of the paper by Liang et al. [12].
The investigated material was in this case a Ci-Ni-Al brass, for which hot deformation be-
havior was characterized by the temperature range 600–800 ◦C at strain rates ranging from
0.01 to 10 1/s. The analysis of data led to the adoption of a Zener–Hollomon type model
for which strain-related parameters were identified. The processing map was constructed
based on the dynamic material model and optimized strain-rate/temperature for the alloy
processing were identified.
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The contribution by Lizzi et al. [9] also analyses the mechanical response/microstructure
correlation. The investigated material here is IN718PW, a prototype alloy with chemical
composition close to the matrix of classical Inconel®718 alloy but produced by powder met-
allurgy processes. Compression tests performed at temperatures in the range 900–1025 ◦C
and strain rates in the 0.001–10 1/s range showed that the combination of high temperature
and controlled strain caused stress-softening. The phenomenon is partly due to dynamic
recrystallization, similar to the reference alloy, but is also partly due to diffusion-controlled
pore coarsening. The analyses of the mechanical response of IN718PW alloy led to the
estimation of the activation energy and strain rate-stress exponent, both close to those of the
reference alloy at a temperature range exceeding solvus temperature, where precipitates
do not exist.

The hot deformation behavior was also investigated by Álvarez-Leal et al. [7] for
WE54 Mg alloy, where the friction stir welding process produced a fine-grained structure,
correlated to process severity. The material characterization was performed from room
temperature up to 450 ◦C, with different testing methods so that peak stress under strain
rates from 10−4 to 10−1 1/s were obtained. A superplastic behavior for the alloy was
possible in the temperature range from about 250 to 400 ◦C. In cases where this behavior
was reached, the analyses of strain rate vs. stress double logarithmic plot show data aligned
with a slope close to 2, suggesting grain boundary sliding to be the main deformation
mechanism. The microstructural instability of the fine-grained structure was responsible
for the change in material behavior above 400 ◦C.

2.3. Creep and Creep Modeling

Constant load creep tensile or compression tests are a common method to characterize
the high temperature behavior of metals, obtaining data later considered for select and
fitting proper creep models. In addition to conventional constant-load tests, under specific
conditions step-loading could be (carefully) considered as a minor-effort method to obtain
at least some material creep data.

In the case of modified Al-7Si-Mg casting alloys investigated by Gariboldi et al. [5],
the strengthening role played by nanometric-size precipitate or dispersoids and by their
thermal stability at 300 ◦C for the deformation resistance of the material has been discussed.
The amount and morphology of the eutectic Si and of coarse intermetallic phases, both of
them at the interdendritic region and responsible for the microstructural damage leading
to the final fracture, have also been considered by the above authors.

In the Al10SiMg alloy produced by additive manufacturing by Paoletti et al. [6], the mi-
crostructure and its modification during material production, heat treatment and creep tests
has been studied. The microstructure role on the creep resistance at 150–225 ◦C has then
been described by physically based models for as-produced and annealed alloy conditions.

In the contribution by Fuyang et al. [4], the heat resistant casting steel HP40Nb
was characterized in hot tension and tension creep in the as-cast and aged condition.
Similar tests have been performed on fresh-to-aged weld joint. The creep deformation and
damage were modelled; high temperature behavior was then used to simulate the high
temperature response of fresh-to-aged reformer pipe weld joint in terms of the progression
and redistribution of Von Mises stress and material damage.

The paper by Krauss et al. [11] underlined the effect of microstructure and the need
for a clear understanding of it in a different way. Clear differences have been demonstrated
between the creep properties of Mo, Mo solid solution, Mo5SiB2 and some Mo-Si-B alloys,
these latter candidate materials for future gas turbine engines operating at temperatures
exceeding those possible for Ni-based alloys. Future modelling of the complex multiphase
materials can save experimental efforts and time in the process of alloy optimization. In this
process, the creep characterization and modelling of Mo3Si, as one of the phases present in
the Mo-Si-B alloys, is a fundamental step. The interesting and careful compression multi-
step creep characterization performed on small specimens in Ar/H or vacuum environment
in the temperature range 1093–1300 ◦C has been illustrated in the contribution. The

3
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identification of the optimal model (and of its parameters) to describe the high-temperature
behavior of the Mo3Si has been finally considered.

Creep deformation mechanisms are typically described in terms of secondary creep
strain rates. Their analysis has often been correlated to phenomena taking place at a
microscopical level and leading to deformation. There is still work to do in this field
on understanding and modelling the creep deformation behavior of metals and alloys.
The contribution by Kassner [13] covers some of these features. Specifically, he focuses
the attention on the so called Harper–Dorn, power-law and power-law-breakdown creep
regimes, occurring in a metal at increasing applied stress (or decreasing temperatures)
with increasing slope in the double logarithmic plot (temperature normalized) strain rate-
stress plot. Results of recent experimental tests or computational works suggest that the
presence/absence of Harper–Dorn creep can be correlated to the initial dislocation density
in the material. On the other hand, the power law creep is well explained considering recent
calculations on dislocation climb-rate. Finally, power-law breakdown can be explained by
taking into account the vacancy concentration of plastically deformed materials.

The description of microstructural features of the alloy was also at the base of models
describing creep-resistance of Al10SiMg alloy produced by additive manufacturing and
differently heat treated, proposed by Paolucci in [6].

2.4. High Temperature Behaviour in the Presence of Loading/Temperature Changes and
Environmental Effects

In addition to the classical short-time high-temperature material characterization by
means of tension or compression tests, or of its long-term characterization by means of
constant load/stress conditions in creep tests, different loading conditions should be taken
into account when the expected service conditions significantly differ from those used
in conventional material characterization. Among these conditions, isothermal fatigue
characterization is one of the most widely performed.

In the present Special Issue and book, the mechanical behavior of the polycrystalline
Ni-based superalloy Rene80 has been investigated by means of isothermal strain controlled
fatigue tests performed at 850 ◦C by Engel and co-authors [10]. The alloy was investigated
in two different microstructural conditions: with coarse randomly oriented grain structure
and fine textured structure. In each case, two sets of isothermal fatigue tests have been
performed, one on notched and the other on smooth specimens. The experimental behavior
of the alloys was compared to finite element simulations of the specimens reproducing the
polycrystalline/texture structure of the material. The presence of the textured structure
affected the mechanical behavior of smooth specimens but had a minor effect on that of
notched specimens.

3. Conclusions

The Special Issue and Book ‘High Temperature Behavior of Metals’ includes 12 papers
covering in innovative way the relevant topics in the field. All contributions highlight
the importance of microstructure and microstructural stability on the high temperature
materials’ behavior. The quality and variety of materials, approaches and methodologies
presented can inspire both scientists and technicians in their approach to structural response
of metallic materials at high temperature.
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Abstract: The high-temperature oxidation of hot-work tool steel AISI H11 was studied. The high-
temperature oxidation was investigated in two conditions, the soft annealed condition, and the
hardened and tempered condition. First, calculations of the compositions of the oxide layers formed
were carried out using the CALPHAD method. The samples were oxidised in a chamber furnace and
in a simultaneous thermal analysis instrument, for 100 h in the temperature range between 400 ◦C
and 700 ◦C. The first samples were used for metallographic (optical microscopy and scanning electron
microscopy) and X-ray diffraction analysis of the formed oxide layers, and the second ones for the
analysis of the oxidation kinetics by thermogravimetric analysis. Equations describing the high-
temperature oxidation kinetics were derived. The kinetics can be described by three mathematical
functions, namely: exponential, parabolic, and cubic. However, which function best describes the
kinetics depends on the oxidation temperature and the thermal condition of the steel. Hardened and
tempered samples have been shown to oxidise less, resulting in a slower oxidation rate. The oxide
layers consist of three sublayers, the inner one being spinel-like oxide (Fe, Cr)3O4, the middle one
a mixture of magnetite and hematite and the outer one of hematite. At 700 ◦C there is also some
wüstite in the inner oxide sublayer of the soft annealed sample.

Keywords: high-temperature oxidation; AISI H11 tool steel; thermogravimetry; CALPHAD; kinetics

1. Introduction

AISI H11 (1.2343) hot-work tool steel, is a typical representative of the group of
chromium hot-work tool steels. It is widely used for the production of tools and dies
for high-pressure die casting and forging. The higher concentration of carbide-forming
alloying elements improves the high-temperature softening resistance of the steel [1,2].
Since hot-work tool steels usually operate at elevated temperatures, the high-temperature
oxidation behaviour of H11 hot-work tool steel is of great importance. Several authors [3–9]
have studied the effect of elevated temperatures on the mechanical and physical properties
of hot-work tool steels. With this consideration, we investigate the oxidation kinetics of
AISI H11 in the temperature range between 400 ◦C and 700 ◦C.

Oxidation is one of the most important types of corrosion. Metals and alloys begin to
oxidize in air or other atmospheres containing oxygen [10–13]. Assuming that oxygen is in
the gaseous state, metals (M) are converted to oxides (MaOb), and the reaction proceeds
according to the following chemical reaction [12]:

2a
b

M(s) + O2(g) �
2
b

MaOb(s) (1)

Metals 2021, 11, 758. https://doi.org/10.3390/met11050758 https://www.mdpi.com/journal/metals
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Since the chemical reactions of oxidation are well known, one can calculate the Gibbs
free energy of the reactions. The Equation (2) for the Gibbs free energy of reaction (1),
is given as [12]:

Gr =
2
b

μ0
MaOb

+
2
b

RT ln
(
aMaOb

)2/b − 2a
b

μ0
M − 2a

b
RT ln(aM)2a/b − μ0

O2
− RT ln

pO2

p0
(2)

where μ is the chemical potential, a is the activity, R is the gas constant, p is the pressure
and T is the temperature. Assuming that aMaOb = 1; aM = 1 and pO = 1 atm (101 325 Pa),
Equation (3) can be derived from Equation (2) [12]:

ΔG0
r =

2
b

μ0
MaOb

− 2a
b

μ0
M − μ0

O2
(3)

Then the Gibbs free energy for the chemical reaction (1) can be determined [12]:

Gr = ΔG0
r + RT ln

1
pO2

= ΔG0
r + RT ln K (4)

where K is the equilibrium chemical reaction constant and ΔG0
r is the Gibbs free energy

change per mole of the reaction at standard conditions. Some of the chemical reactions for
the oxidation of metals can be found in the well-known Ellingham diagram [14]. Let us
first consider the oxidation of pure metals, it depends on the growth kinetics of the oxide
layer, on whether it will protect the metal from oxidizing or not. From a thermodynamic
point of view, the chemical reaction (1) proceeds spontaneously from left to right when the
total change in Gibbs free energy is negative [10–13,15].

The oxidation kinetics of metals and alloys can follow several different laws, the most
common of which are linear, parabolic, cubic, logarithmic, and inverse logarithmic. In fact,
the kinetics is very complex and can also consist of a combination of several laws (linear and
parabolic, etc.). The chemical reaction (1) follows a kinetic law that can be described by the
following equation [10–13,15–17]:

dξ

dt
= f (t) → dξ = dnMaOb = −dnM

a
= −2dnO2

b
(5)

where ξ is a measure of the extent of the reaction at time t, and n is the number of
moles [10–13,15–17]. However, the most common method for studying the oxidation
rate is to measure the weight gain of the sample over time. Gravimetry is a particularly
suitable method, where the change in weight over time can be measured continuously or
discontinuously [17].

Several authors studied high-temperature oxidation of iron in air or pure oxygen at-
mosphere [11,13,17–21]. The high-temperature oxidation kinetics of iron in the temperature
range 700–1250 ◦C can be expressed by Tammann-type parabolic equation [21]:

dx/dt = k′x/x ali x2 = kxt + x2
0 (6)

where, x is the total thickness of the oxide layer, t is the oxidation time, x0 is the initial
thickness of the oxide layer (if some oxides are already present on the surface, otherwise
the value is 0) of the parabolic oxidation, and kx = 2k′x is a constant of the parabolic
rate usually given in cm2 s−1. However, since oxidation kinetics are usually studied by a
change in mass as a function of oxidation time, a parabolic law can be expressed by the
Pilling-Bedworth equation [21,22]:

dW/dt = k′pW ali W2 = kpt + W2
0 (7)

where W is the change in mass per unit area, due to oxidation of iron, and kp (=2k′p) is
the parabolic constant in g2 cm−4 s−1, and W0 is the initial mass at the time (t = 0) of
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parabolic oxidation. In the original Pilling-Bedworth equation [22], W0 is equal to 0. In the
considered temperature range, the oxidation follows the parabolic law, the resulting oxide
layer consists of a very thin outer sublayer of hematite, a thin intermediate sublayer of
magnetite and a thick inner sublayer of wüstite [21,23].

On the other hand, the oxidation of iron below 700 ◦C is much more complex, so that
even the published results of different authors [21,24–27] are less consistent. In previous
studies, it was found that the kinetics of isothermal oxidation of iron in the temperature
range (570–700 ◦C) follows a parabolic law. However, the thicknesses of the individual
oxide layers differ from study to study [24–27].

Regarding the high-temperature oxidation of steels, many studies [21,28–37] in which
the high-temperature oxidation of various steels has been investigated have been carried
out. Many ways have been proposed to calculate the rate constant of oxidation kinetics.
The most suitable method to obtain the equation to calculate the oxidation rate constant of
steel under continuous heating or cooling was developed by Kofstad [38]. According to
his interpretation, oxidation following a linear, parabolic, or cubic law can be generally
expressed as:

Wn−1[dW/dt] = kn (8)

where W is defined as the change in mass per unit area over time t, n is a constant with
values of 1, 2, or 3 for the linear, parabolic, or cubic law, and kn is a time-independent rate
constant expressed as:

kn = B exp(−Q/RT) (9)

where, B is the constant, T is the absolute temperature, R is the gas constant, and Q is the
activation energy. There is also an alternative [39], but since the mass change was measured
over time, we used the Kofstad method. Regarding the high-temperature oxidation of hot-
work tool steels, there are some studies [40–44] have been carried out. Bidibadi et al. [40]
investigated the oxidation behaviour of CrMoV steel, the study sets out the composition
of the oxide layers in detail and proves that the inner oxide layer contains spinel-like
oxides. Zhang et al. [41] studied the high-temperature oxidation resistance of H13 steel,
from the TG curves, there is a mass decrease between 250 ◦C and 500 ◦C during the
heating, when the oxide layer has already formed, but unfortunately, no further analysis
was performed regarding the cause the of mass decrease. On the other hand, Min et al. [42]
carried out a prediction and analysis of the oxidation of H13 hot-work tool steel. Using the
software Thermo-Calc the compositions of the oxide layers were calculated as a function
of oxygen partial pressure, and the oxidation mechanisms in different atmospheres were
discussed. Regarding the oxidation of H11 steel, Pieraggi et al. [43] explained the oxidation
behaviour of H11 steel in dry and wet air at 600 ◦C and 700 ◦C. It was found that the
oxidation kinetics follows the parabolic law and is also quite sensitive to the presence of
water vapour. Bruckel et al. [44] investigated the isothermal oxidation behaviour of an
X38CrMoV5 hot-work tool steel at 600 ◦C and 700 ◦C. It was also found that the oxidation
kinetics is very sensitive to the presence of water vapour. On the other hand, it was proved
that the oxide layer is duplex consisting of an outer hematite sublayer and an inner (Fe,
Cr)3O4 sublayer. It was mentioned that carbides could play an important role in the growth
process of the oxide layer. These studies served as a first insight into what the formed oxide
layers might consist of and how the oxidation kinetics might behave.

2. Materials and Methods

We investigated the H11 (EN X37CrMoV5-1) hot-work tool steel with the chemical
composition given in Table 1, measured by wet chemical analysis and infrared absorption
after combustion with ELTRA CS-800 (ELTRA GmbH, Haan, Germany).
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Table 1. Chemical composition of investigated H11 hot-work tool steel given in weight percent.

Sample C Si Mn P S Cr Ni Mo V Fe

H11 0.36 0.97 0.54 0.015 0.002 5.05 0.09 1.22 0.38 Bal.

First the heat treatment of H11 hot-work tool steel was carried out. The austenitiza-
tion temperature was 1020 ◦C and the soaking time was 30 min. Quenching was carried
out in oil, followed by two-stage tempering, at 550 ◦C and 620 ◦C for 2 h, for reaching
the hardness 42–44 HRC. The heat treatment was carried out in Bosio EUP-K 6/1200
(Bosio d.o.o., Celje, Slovenia) chamber furnace. Since air atmosphere was used, we had
to mill off 2 mm of the steel surface, due to decarburization and oxidation during the
heat treatment. Sample preparation using a CNC (Computer Numerical Control) Deckel
Maho DMC 63V (Deckel Maho Pfronten GmbH, Pfronten, Germany) machine was next.
three different types of samples were prepared, the first ones were cubes with dimen-
sions of 10 mm × 10 mm × 10 mm (length × width × height), which were used during
the high-temperature oxidation in the chamber furnace. These samples were specially
prepared for further analysis by light optical microscope and SEM (Scanning Electron Micro-
scope). The second set of samples were cuboids with dimensions 10 mm × 10 mm × 5 mm,
which were also used during high-temperature oxidation in the chamber furnace. The di-
mensions are different because the height of the XRD (X-ray Diffraction) sample holder is
limited. The last ones are cylinders with dimensions h = 4 mm and Φ = 4 mm, which were
used in the high-temperature oxidation in NETZSCH STA (Simultaneous Thermal Ana-
lyzer) Jupiter 449C (NETZSCH Holding, Selb, Germany) instrument. All surfaces were
polished with 1 μm polycrystalline diamond suspension, after polishing, the samples were
ultrasonically cleaned with ethanol and dried on hot air, this procedure was also repeated
before each oxidation test.

To get a first insight into the composition of the oxide layers, CALPHAD (CALcu-
lation of PHAse Diagrams) simulations were performed with the software Thermo-Calc
(Thermo-Calc 2020a, Thermo-Calc Software AB, Stockholm, Sweden) using the thermo-
dynamic database TCOX9 [45] (Metal Oxide Solutions Database). In the diagrams the
amount of phase is shown on the Y-axis and the activity of O2 is shown on X-axis. The com-
position of the oxide sublayers in the formed oxide layer in the studied temperature
range (400–700 ◦C), was calculated. Thermo-Calc software and HSC Chemistry software
(HSC Chemistry 9.0, Metso Outotec Finland Oy, Tampere, Finland) were also used to
calculate the Gibbs free energy of the oxidation reactions.

High-temperature oxidation was studied at 400 ◦C, 500 ◦C, 600 ◦C, and 700 ◦C in
air atmosphere for 100 h. The samples analysed by light optical microscope, SEM and
XRD were oxidised in Bosio EUP-K 6/1200 (Bosio d.o.o., Celje, Slovenia) chamber furnace.
The heating rate was 15 ◦C min−1 and the high-temperature oxidation was carried out
in air atmosphere. To improve the oxidation conditions, additional air (79 vol% nitrogen,
21 vol% oxygen 0.9 vol% argon and 0.1 vol% of hydrocarbons and other inert gases) was
injected into the furnace at a flow rate of 0.3 L min−1. Cooling was performed in the
chamber furnace at the cooling rate of 0.5 C min−1, which was intentionally slow. The main
reason was not to damage the oxide layer.

The samples used for the study of kinetics were oxidized in the NETZSCH STA
Jupiter 449C (NETZSCH Holding, Selb, Germany) instrument. The heating and cooling
rate were 10 ◦C min−1, in addition air was injected into the furnace at a flow rate of
30 mL min−1 (during the heating/cooling and the isothermal section). Correction runs
were also performed prior to sample runs with an empty Al2O3 pedestal on which the
samples were located during oxidation. TGA (Thermogravimetric Analysis) was used to
study the kinetics.

The samples for SEM analysis were ground and polished. An FEG-SEM (Field Emis-
sion Gun Scanning Electron Microscopy) ThermoFisher Scientific Quattro S (ThermoFisher
Scientific, Waltham, MA, USA) was used to examine the composition and thickness of
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the oxide layers. The composition was investigated using EDS (Energy-Dispersive X-ray
Spectroscopy) analysis (Ultim® Max, Oxford Instruments, Abingdon, UK). EBSD (Elec-
tron Backscatter Diffraction) analysis was also performed using ZEISS CrossBeam 550
(Carl Zeiss AG, Oberkochen, Germany) SEM with HikariSuper EBSD camera (EDAX,
Mahwah NJ, USA). In addition, the samples were ground, polished, and etched with
Vilella’s reagent for optical microscopy. Microphot FXA, Nikon (Nikon, Minato City, Japan)
with 3CCD video camera Hitachi HV-C20A (Hitachi, Ltd., Tokyo, Japan) was used for mi-
crostructure analysis. Vickers hardness was measured using Instron Tukon 2100B (Instron,
Norwood, MA, USA). The hardness measurements were performed on the metallographi-
cally prepared samples (ground and polished), and we only measured the hardness of the
steels. PANalytical XPert Pro PW3040/60 (Malvern Panalytical, Malvern, England, UK),
X-ray diffractometer with Cu anode (λ = 0.15419 nm) using Bragg-Bretano geometry with a
theta-theta goniometer with a radius of 240 mm was used to study the types of oxides in
the oxide layers.

Since we were investigating samples in two different conditions soft annealed and
hardened and tempered condition, we marked the first ones with H11 (soft annealed) and
the second ones with H11-HT (hardened and tempered).

3. Results

3.1. CALPHAD

Figure 1 depicts the thermodynamically stable phases in oxide layer and the sublayers
formed on the surface of H11 steel at 400 ◦C (Figure 1a) and 500 ◦C (Figure 1b). According to
this, up to aO ≈ 10−24 (Fe, Cr)2O3 is stable, which predominates (93 wt%), followed by (Fe,
Cr, Mn, V)3O4 (3 wt%), Mo4O11 (1.9 wt%), (Cr, Fe, V, Mn)3O4 and (Fe, Mo)2C3 (both together
2.1 wt%). In the range aO ≈ 10−24–10−34, (Fe, Cr, Mn, V)3O4 is predominant (82.8 wt%),
followed by (Cr, Fe, V, Mn)3O4 from aO ≈ 10−26 onwards (Cr, Fe, Mn)3O4 (13.1 wt%) and
(Fe, Mo)2C3. Ferrite also occurs, increasing with the decreasing aO. At 500 ◦C there are no
drastic changes, all thermodynamically stable phases are the same as at 400 ◦C, the only
difference is the stability of (Fe, Cr)2O3 and (Fe, Cr, Mn, V)3O4, the former is stable from aO
≈ 10−13–10−19 and the latter from aO ≈ 10−19–10−29.

On the other hand, the same changes take place at 600 ◦C (Figure 2a), (Fe, Cr)2O3
is stable from aO ≈ 10–10–10−15 and (Fe, Cr, Mn, V)3O4 from aO ≈ 10−15–10−25. At both
temperatures (500 ◦C and 600 ◦C), the calculations also showed that internal oxidation
could occur in the steel directly under the oxide layer there could be stable (Fe, Cr, Mn,
V)3O4 or (Cr, Fe, Mn, V)3O4. At aO < 10−29 internal oxidation could occur at 500 ◦C and
aO < 10−25 at 600 ◦C. At 700 ◦C (Figure 2b), we can see that up to aO ≈ 10–12 (Cr, V, Fe,
Ti)2O3 is stable, which is predominant (91.7 wt%), followed by (Fe, Cr, Mo, Mn, V)3O4
(5.4 wt%), Mo4O11 (2.2 wt%) and (Fe, Cr, V) O (0.7 wt%). In the range aO ≈ 10−12–10−22,
(Fe, Cr, Mo, Mn, V)3O4 is predominant (97.8 wt%), followed by ferrite, which occurs at aO
≈ 10−16 and increases with decreasing aO (up to aO 10−12–10−22) and then (Fe, Cr, Mo, V,
Mn)3C, and Mo4O11 (the content of the latter two together depends on the ferrite content).
It is also observed that wüstite appears in the oxide layer and reaches the highest contents
at aO ≈ 10−21–10−22, up to 48 wt%. At a temperature of 700 ◦C, internal oxidation is also
present, when aO decreases below 10−22, (Fe, Cr, Mo, Mn, V)3O4 appears just below the
surface, and there is also more (Cr, V, Fe, Ti)2O3 present.

3.2. Microscopy

The microstructures after high-temperature oxidation at an individual temperature
and the corresponding initial microstructure are shown in Figure 3. It can be seen that the
initial microstructure in the soft annealed condition consists of a ferritic (highly decomposed
martensite) matrix and spherical carbides. After oxidation at 400 ◦C, the microstructure
consists of a ferrite matrix and spherical carbides. The carbides continue to grow and
become even more spherical. After oxidation at 500 ◦C and 600 ◦C, the microstructure
is very similar to the microstructure obtained after oxidation at 400 ◦C. There are no

11



Metals 2021, 11, 758

significant differences in the microstructure, it consists of a ferrite matrix and spherical
carbides. This can also be confirmed by practically equal hardness (Table 2). The drop in
hardness, compared to the hardness of the initial condition, is due to the growth of the
spheroidized carbides, which become larger and more spherical. This reduces the effect
of precipitation hardening. On the other hand, the microstructure of the sample oxidized
at 700 ◦C consists of a ferrite matrix and spherical carbides. The microstructure is very
similar to that of the initial sample. This is because this temperature is already in the range
of spheroidization annealing.

Figure 1. Amount of thermodynamically stable phases formed during high-temperature oxidation
as a function of oxygen activity for H11 steel at (a) 400 ◦C and (b) 500 ◦C.

Figure 4 shows the microstructure after high-temperature oxidation at a single tem-
perature and the corresponding initial microstructural condition. As can be seen from the
microstructures, the initial microstructure is in a hardened and tempered state, which means
that it consists of martensite and carbides. The microstructure after oxidation at 400 ◦C
and 500 ◦C remains very similar to the initial microstructure. This indicates that the mi-
crostructure is stable in this temperature range. This is also confirmed by the hardness
measurements (Table 2), as we see that they change very little, compared to the hardness
of the initial state. The microstructure in both cases consists of martensite and carbides.
Tempering is the reason that the microstructure is so stable, as the 2nd tempering was at
the temperature of 620 ◦C. After oxidation at a temperature of 600 ◦C, additional soften-
ing occurs, which leads to a drop in hardness (Table 2). The microstructure continues to
consist of martensite and carbides. In contrast, after oxidation at a temperature of 700 ◦C,
the microstructure consists of a ferrite matrix and spherical carbides. This is because in this
temperature range is already the range of spheroidization annealing.
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Figure 2. Amount of thermodynamically stable phases formed during high-temperature oxidation
as a function of oxygen activity for H11 steel at (a) 600 ◦C and (b) 700 ◦C.

 

Figure 3. Etched microstructure of H11 hot-work tool steel in the soft annealed state in initial state and after oxidation at
400 ◦C, 500 ◦C, 600 ◦C and 700 ◦C for 100 h.
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Table 2. Measured hardness of H11 hot-work tool steel in soft annealed (H11) and hardened and
tempered (H11-HT) state before and after oxidation.

Sample

Hardness [HV 10]

Before Oxidation
After Oxidation

400 ◦C 500 ◦C 600 ◦C 700 ◦C

H11 180 166 163 164 164
H11-HT 478 460 466 294 243

 
Figure 4. Etched microstructure of H11 hot-work tool steel in the hardened and tempered state in initial state and after
oxidation at 400 ◦C, 500 ◦C, 600 ◦C and 700 ◦C for 100 h.

A thicker oxide layer is formed for the soft annealed samples, except at 600 ◦C, as evi-
dent from the figures showing the oxide layers (Figure 5) and the average of the measured
thicknesses (obtained with SEM) of the oxide layers (Table 3). At 400 ◦C, the oxide layer
was 3.9 μm thicker on the soft annealed sample and 1.8 μm thicker at 500 ◦C, compared
to the thickness of the oxide layer on the hardened and tempered samples. On the other
hand, the oxide layer formed on the hardened and tempered samples was 3.9 μm thicker
at 600 ◦C. At 700 ◦C, the oxide layer on the soft annealed sample was thicker again by
22.8 μm.

Carbides are also seen in the microstructures of the soft annealed samples at 400 ◦C,
500 ◦C and 600 ◦C, which are not observed in the hardened and tempered samples because
they are finer. The results show the presence of carbides in the inner oxide sublayer,
while they are not detected in the outer oxide sublayer. In the soft annealed sample,
the oxide layer is solid, and cracking is observed between the inner and middle oxide
sublayers. The voids are clearly visible in the oxide layer of the soft annealed samples.
They are also believed to form in the oxide layer of the hardened and tempered sample.
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Figure 5. H11 hot-work tool steel in soft annealed and hardened and tempered state and oxide layer formed after high-
temperature oxidation at 400 ◦C, 500 ◦C, 600 ◦C and 700 ◦C.

Table 3. Thickness of the oxide layer formed on H11 hot-work tool steel in the soft annealed (H11)
and hardened and tempered (H11-HT) state after high-temperature oxidation at 400 ◦C, 500 ◦C,
600 ◦C and 700 ◦C.

Temperature [◦C]
Thickness of Oxide Layer [μm]

H11 H11-HT

400 4.1 0.2
500 6.5 4.7
600 10.9 14.8
700 135.6 112.8
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The results of EDS analysis of the oxide layer on the soft annealed sample oxidised
at 400 ◦C are shown below (Figure 6a). Since the Fe:O ratio in hematite is 2:3 and the
content of other alloying elements is very low compared to the inner oxide sublayer,
it can be assumed that the outer oxide sublayer (Figure 6a)—Spectrum 13) consists of
hematite. This is followed by two more oxide sublayers. Immediately behind the hematite
is magnetite and some hematite (Figure 6a)—Spectrum 14), which form the middle oxide
sublayer. Assuming that chromium and silicon are bound in the magnetite and considering
the Fe:O ratio in the magnetite (3:4), it can be estimated that the inner oxide sublayer
(Figure 6a)—Spectrum 15) is most likely spinel oxide ((Fe, Cr)3O4). In this case, the content
of molybdenum, silicon, vanadium, and manganese is also increased, so that the mentioned
alloying elements are bound in the spinel. The composition of the steel (Figure 6a)—
Spectrum 16) was also analysed, and the matrix near the inner oxide sublayer already
has a different chemical composition than the original one. The contents of some alloying
elements are higher, these are mainly alloying elements that are also found in the inner
oxide sublayer (chromium, molybdenum, and silicon).

 

Figure 6. The areas analysed with EDS are shown with the corresponding chemical composition in at% for oxide layers and
wt% for steel. Results are shown for samples in the soft annealed state after high-temperature oxidation at (a) 400 ◦C and
(b) 500 ◦C.

The results of EDS analysis of the oxide layer formed on the soft annealed sample
oxidised at 500 ◦C are also shown (Figure 6b). Moreover, in this case, the outer oxide
sublayer consists of hematite, which is a bright area on the surface of the oxide layer.
The middle oxide sublayer consists of magnetite (Figure 6b)—Spectrum 6). Assuming that
chromium and silicon are bound in magnetite and considering the Fe:O ratio in magnetite
(3:4), it can be estimated that the inner oxide sublayer (Figure 6b)—Spectrum 7) is most
likely spinel oxide ((Fe, Cr)3O4). In this case, the content of molybdenum, silicon, vanadium,
and manganese is also increased, so the mentioned alloying elements are most likely bound
in the spinel. The composition of the steel (Figure 6b)—Spectrum 8) was also analysed and it
was found that the contents of some alloying elements are increased (chromium and nickel),
while others are lower (silicon, vanadium, manganese, and molybdenum) compared to the
original composition of the steel.

Carbides are observed in the soft annealed sample (Figure 7a), they are finer in the
hardened and tempered sample (Figure 7b). The soft annealed sample contains mainly
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chromium and molybdenum rich carbides and some vanadium carbides. The results
show that carbides are also present in the inner and middle sublayer, while they are not
observed in the outer oxide sublayer. The concentration of iron is the lowest in the outer
sublayer, higher in the inner sublayer and highest in the middle sublayer. On the other
hand, the oxygen content is the highest in the outer oxide sublayer and then decreases
towards the interior. It can also be seen that there is less chromium in the outer and middle
oxide sublayers than in the inner one. Meanwhile, the concentration of molybdenum is
greatly increased in the inner sublayer, while it is much lower in the middle and outer
oxide sublayers. The nickel content is increased at the contact surface between the oxide
layer and the steel. The concentration of silicon is increased in the inner oxide sublayer
and then decreases towards the oxide surface.

 
Figure 7. EDS element mapping images are shown for samples in the (a) soft annealed and (b) hardened and tempered
state after high-temperature oxidation at 600 ◦C.

No major carbides are observed in the hardened and tempered sample (Figure 7b).
Moreover, in this case the elements are very homogeneously distributed in the matrix.
There are three oxide sublayers and internal oxidation of the steel is also observed i.e.,
an internal oxidation zone (Figure 7b—IOZ). IOZ occurs just in the case of hardened and
tempered sample in the areas where the alloying elements concentrations are increased.
The concentration of iron is lowest in the outer oxide sublayer, higher in the inner oxide
sublayer and highest in the middle oxide sublayer. On the other hand, the oxygen content
is the highest in the outer oxide sublayer and then decreases towards the interior. There are
also some areas of increased oxygen content in the steel in the IOZ just below the oxide
layer. Chromium concentration is lower in the outer and middle oxide sublayers, than in
the inner one. In the case of molybdenum, the concentration is greatly increased in the
inner oxide sublayer, compared to the middle and outer. On the other hand, the nickel
content is increased at the contact surface between the oxide and the steel. While the silicon
content is highest in the inner sublayer, it is slightly lower in the outer and lowest in the
middle oxide sublayer.

The oxide layer formed at 700 ◦C was also investigated by EBSD analysis. First,
the areas of the soft annealed sample examined by EBSD analysis are shown (Figure 8).
The analysis was divided into four parts, namely: (1) Upper area of oxide layer—outer and
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part of middle oxide sublayer, (2) Middle area of oxide layer—inner oxide sublayer in con-
tact area with middle oxide sublayer, (3) Middle area of oxide layer—middle area of inner
oxide layer and (4) Steel/oxide layer—contact area between steel and inner oxide sublayer.

Figure 8. Areas of the oxide layer of the soft annealed sample after high-temperature oxidation at
700 ◦C analysed by EBSD analysis.

First, the results for the upper part of the oxide layer are shown (Figure 9). The outer
oxide sublayer consists only of hematite. This is followed by a band of magnetite and
hematite with low magnetite content, the middle oxide sublayer starts below the mag-
netite band. The magnetite content in the middle oxide sublayer increases towards the
interior. Crystal orientations were coloured with IPF (Inverse Pole Figure) colour coding of
orientation maps, IPF-Z standard colour triangle was used.

Figure 9. EBSD analysis of the oxide layer of the soft annealed sample after high-temperature oxidation at 700 ◦C (1) Upper
part of the oxide layer—outer and part of the middle oxide sublayer.
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The inner oxide sublayer (Figure 10) consists mainly of magnetite, together with small
amounts of hematite. The composition of magnetite shows an increased concentration of
chromium, molybdenum, and silicon. Therefore, along EBSD analysis an EDS analysis
of the surface distribution of the elements was also performed. Chromium is distributed
throughout the oxide layer (with visible increased concentrations at locations where previ-
ously carbides were present), and molybdenum is also concentrated where carbides were
most likely previously present. This is already an indication that molybdenum has less
influence on the oxidation kinetics than chromium. It can also be seen that a crack forms
between the middle and inner oxide sublayers. It is also observed that the chromium
content is significantly lower in the middle oxide sublayer. The results show that the inner
oxide sublayer is mainly composed of magnetite and some hematite. This indicates that
the inner oxide sublayer is very dense, and the magnetite grains are small, resulting in
difficult diffusion of both oxygen and iron and other alloying elements.

Figure 10. EBSD analysis of the oxide layer of the soft annealed sample after high-temperature oxidation at 700 ◦C (2)
Middle oxide layer—inner oxide sublayer in contact area with middle oxide sublayer.

The analysis of middle area of inner oxide layer (Figure 11) reveals that some wüstite
grains are also present, meaning that the inner oxide layer consists of magnetite, some hematite
and very little wüstite. An EDS analysis was also performed, examining the concentrations
of chromium and molybdenum in the inner oxide sublayer. Distribution is the same as at
area (2) middle oxide layer.

The contact area between the oxide layer and the steel (4) was also investigated using
EBSD analysis (Figure 12). First, a phase analysis is presented, where it can be observed
that a mixed area of magnetite and hematite occurs at the contact area between the inner
oxide sublayer and the steel. Carbides are also visible in this area. An analysis of the
surface distribution of the elements was also carried out, it shows that the chromium
content is increased, and the molybdenum is still present in the places where the carbides
were before. This is the indication that molybdenum has less influence on the oxidation
kinetics than chromium.
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Figure 11. EBSD analysis of the oxide layer of the soft annealed sample after high-temperature oxidation at 700 ◦C (3)
Middle oxide layer—middle area of inner oxide layer.

Figure 12. EBSD analysis of the oxide layer of the soft annealed sample after high-temperature oxidation at 700 ◦C (4)
Steel/oxide layer—contact area between steel and inner oxide sublayer.
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The areas of the hardened and tempered sample examined by EBSD analysis are
shown (Figure 13). The analysis was divided into two parts, namely: (1) Upper part of
oxide layer—outer and a part of middle oxide sublayer, (2) Middle oxide sublayer—inner
oxide sublayer and contact area between steel and inner oxide sublayer.

Figure 13. Areas of the oxide layer of the tempered and hardened sample after high-temperature
oxidation at 700 ◦C analysed by EBSD analysis.

First, the results for the upper part of the oxide layer are shown (Figure 14). The outer
oxide sublayer consists only of hematite. This is followed by a middle oxide sublayer of
magnetite and a small amount of hematite, which is stable around the voids and cracks.
The cracks between the middle and inner oxide sublayer are also visible.

 

Figure 14. EBSD analysis of the oxide layer of the hardened and tempered sample after high-temperature oxidation at
700 ◦C (1) Upper part of oxide layer—outer and a part of middle oxide sublayer.
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Meanwhile, the inner oxide sublayer (Figure 15) is mainly magnetite with low hematite
content around voids and cracks. There is also a hematite band visible in the oxide
layer/steel interface. In this case, no wüstite content was observed. The oxide grains in
the inner oxide sublayer are much smaller compared to ones in the soft annealed sample
(Figures 10–12).

Figure 15. EBSD analysis of the oxide layer of the hardened and tempered sample after high-temperature oxidation at
700 ◦C (2) Middle oxide sublayer—inner oxide sublayer and contact area between steel and inner oxide sublayer.

3.3. Thermogravimetric Analysis

Thermogravimetric analysis was used to measure the change in mass of the sam-
ples during high-temperature oxidation. The high-temperature oxidation kinetics for the
studied steel was described by mathematical functions. An iterative rectangular distance
regression algorithm was used for the best fit of the actual curves with the mathematical
functions. Equations describing the change in mass of the sample per unit area over time
for each experimental temperature are also presented for each sample studied. Since the
realistic conditions were simulated, air was blown into the furnace during the heating of
the samples in the STA instrument, the curve in the heating segment differs from that under
isothermal conditions. Therefore, each oxidation curve is described by two equations,
the first giving the oxidation kinetics under heating and the second giving the oxidation
kinetics under isothermal conditions. A two-phase and a single-phase exponential growth
function (Equations (10) and (11)), a second-degree polynomial (Equation (12)—parabolic
law) and a third-degree polynomial (Equation (13)—cubic law) were used to describe
the curves.

W
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A

)
= y = Ae(

t
B ) + Ce(

t
D ) + E (10)
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A

)
= y = A + Bt + Ct2 (12)
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W
(

Δm
A

)
= y = A + Bt + Ct2 + Dt3 (13)

In all cases, t is the time in s, Δm is the mass change in mg, A is the specific surface area
of the sample in cm2, while the other coefficients depend on the temperature and chemical
composition of the steel. In cases, where the kinetics can be described by a parabolic or
cubic function, the rate constant (kn) was determined. The rate constants were calculated
for all the samples studied and for both parts of the curve, after equation (8) was derived
using a simple linear regression. The basic equation for calculating the rate constant (kn) is
as follows: (

Δm
A

)n
= knt (14)

where kn is the rate constant, where n can be 1, 2, or 3 in the case of a linear, parabolic,
or cubic law, respectively. In the case of the exponential law, 1 < n < 3. The subscript n
was named according to the type of equation, so the exponential law has the subscript e,
the parabolic p, and the cubic c. It should be added that the results of the rate constant of
the first part of the curve are reliable. In the case of the second part, the results are less
reliable up to 700 ◦ C, which can also be seen in the fluctuations of the curves.

Figure 16 shows TG results, the upper graph shows the curves of all the samples
studied. It can be seen that the sample in the soft annealed state at 700 ◦C is different from
the others, its final weight gain is 5.91 mg cm−2. Since all the other samples did not gain
more than 1.5 mg cm−2 in weight, the scale on the Y-axis was reduced to the 1.5 mg cm−2

in both graphs below (Figure 16b,c). The red rectangle marks the area enlarged in the left
graph, where the fluctuations on the curves are visible, which are most pronounced on the
curves at 400 ◦C and 500 ◦C. The mentioned effect decreases with increasing temperature
of oxidation. The blue rectangle marks the area that is enlarged in the graph on the right,
where the scale on the X-axis is reduced to 10 h. The reason for this is to show the difference
between shape of the curves obtained from the heating section (1st part of the curve) and
under isothermal conditions (2nd part of the curve). This will be explained in more detail
in the discussion.

Figure 16. TG results for all the investigated samples of H11 hot-work tool steel (a) TG results,
(b) enlarged Y-axis to the 1.5 mg cm−2 and (c) enlarged X-axis to the 10 h and Y-axis to the 1.5 mg cm−2.
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Table 4 shows the weight changes in % for the end of each part of the curve are
presented. It is obvious that there is a weight loss at isothermal conditions (2nd part) for all
the samples studied, except for those soft annealed at 700 ◦C. This is also evident from the
oxidation curves in Figure 16.

Table 4. The weight changes in % for each part of the curve.

Temperature [◦C] Part of the Curve
TG [%]

H11 H11-HT

400
1. 0.168 0.175
2. 0.038 0.095

500
1. 0.183 0.184
2. 0.113 0.109

600
1. 0.218 0.191
2. 0.178 0.034

700
1. 0.242 0.223
2. 1.138 0.101

Each of the curves (Figure 16) was also described by the mathematical function that
best fits the curves of the experimental data. The labels of part 1 (under heating conditions)
and part 2 (under isothermal conditions) of the curve are used. It should be noted that
oxidation itself under heating conditions affects the kinetics under isothermal conditions.
First, the type of equation (Table 5) associated with each part of the curve is presented,
and then the corresponding coefficients for each sample studied.

Table 5. The coefficients are given for each part of the oxidation curve the studied samples with the corresponding equation type.

Temperature
[◦C]

Sample Part of
Curve

Equation
Type

Number of
the Equation

Coefficients

A B C D E

400
H11

1. exponential 10 −0.44 −192.54 −0.58 −1432.74 0.99
2. exponential 10 0.70 −9660.25 0.16 −230,346.79 0.17

H11
HT

1. exponential 10 −0.44 −200.67 −0.64 −1502.7 1.04
2. exponential 11 0.70 −6444.01 / / 0.46

500
H11

1. exponential 10 −0.48 −217.16 −0.64 −1948.81 1.09
2. cubic 13 0.94 −5.73·10−6 2.41·10−11 −3.03·10−17 /

H11
HT

1. exponential 10 −0.52 −220.61 −0.67 −2415.19 1.14
2. cubic 13 0.99 −4.10·10−6 1.00·10−11 −5.22·10−18 /

600
H11

1. exponential 10 −0.48 −193.42 −0.94 −2639.44 1.38
2. cubic 13 1.25 −4.61·10−6 1.92·10−11 −2.42·10−17 /

H11
HT

1. exponential 10 −0.41 −242.47 −0.62 −2181.65 1.12
2. exponential 10 0.56 −11,080.79 0.49 −54,103.34 0.13

700
H11

1. exponential 10 −0.42 −185.2 −0.81 −1759.68 1.27
2. parabolic 12 1.03 1.62·10−5 −6.89·10−12 / /

H11
HT

1. exponential 10 −0.41 −186.54 −0.73 −1490.03 1.16
2. exponential 11 0.58 −56,349.86 / / 0.54

Number of the equation: A two-phase exponential (10), a single-phase exponential (11), a second-degree polynomial (12—parabolic law)
and a third-degree polynomial (13—cubic law).

The rate constants k (Table 6) are given for each sample studied and each part of the
oxidation curve. In the case of the first part of the curve, the rate constants are accurate
and there is not much variation between the results. It can also be determined, from the
calculated constants, which sample had the fastest oxidation kinetics when heated, this was
clearly H11 (soft annealed) at 700 ◦C.

However, for the second part they deviate greatly, which is logical as the curves also
vary greatly and consequently the linear regression also deviates. However, comparing
only the rate coefficients for the second part, a tendency can be seen, most of them are
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negative, which is the consequence of the mass loss during isothermal oxidation. The fastest
oxidation kinetics was found for H11 at 700 ◦C, which was expected.

Table 6. The rate constants are given for each part of the oxidation curve for the studied samples with the corresponding
equation type.

Temperature
[◦C]

Sample Part of Curve Equation Type

Rate Constants

ke
[mge cm−2e s−1]

kp

[mg2 cm−4 s−1]

kc
[mg3 cm−6 s−1]

400
H11

1. exponential 3.104·10−4 /
2. exponential −2.650·10−7 /

H11
HT

1. exponential 3.475·10−4 /
2. exponential 9.300·10−8 /

500
H11

1. exponential 2.998·10−4 / /
2. cubic / / −1.700·10−7

H11
HT

1. exponential 2.936·10−4 / /
2. cubic / / −1.57·10−6

600
H11

1. exponential 4.089·10−4 / /
2. cubic / / −1.134·10−7

H11
HT

1. exponential 2.770·10−4 / /
2. exponential −4.983·10−7 / /

700
H11

1. exponential 4.983·10−4 / /
2. parabolic / 7.744·10−5 /

H11
HT

1. exponential 4.487·10−4 / /
2. exponential −1.526·10−6 / /

3.4. XRD

The results of the XRD analysis of the oxide layers at 400 ◦C, 500 ◦C, and 600 ◦C are
shown in Figure 17. They indicate that the layers in both conditions consist of hematite,
magnetite, and chromium spinel. Meanwhile, the oxide layer of the soft annealed sample
at 700 ◦C consists of hematite, magnetite, wüstite and chromium spinel. On the other hand,
the hardened and tempered sample does not contain wüstite.

 
Figure 17. Results of XRD analysis of all samples examined.

4. Discussion

For discussion, we plotted a diagram of Gibbs free energies (Figure 18) for oxidation
reactions of some carbides, alloying elements, and oxides, calculated using Thermo-Calc
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and HSC Chemistry software. All chemical reactions have been normalized to 1 mol O2 for
better comparability.

 
Figure 18. Calculated Gibbs free energies for oxidation reactions of selected carbides, alloying elements, and oxides.

The results of all analyses were used to explain the oxidation kinetics of H11 steel.
The oxidation kinetics (Figure 16) is unstable below 700 ◦C, which can also be seen from
the fluctuating oxidation curves. As evidenced by thermodynamic calculations and metal-
lographic analysis, the microstructure of the steel in the soft annealed state consists of a
ferrite matrix and spherical carbides (Cr, Mo, Fe)23C6 and VC, and some Ti(C,N). In the
case of hardened and tempered state, the microstructure consists of a martensitic matrix
and primary (VC and TiCN), and secondary (Cr, Mo, Fe)23C6) carbides. There are more of
the latter, as they are precipitated during tempering.

The oxidation kinetics (Figure 16) during heating (Part 1) show in all cases the begin-
nings of the parabolic or cubic law (best described by the exponential growth function).
Under isothermal conditions (part 2), the slope of the curves begins to decrease, except at
700 ◦C in the case of a soft annealed sample. As can be seen from the results presented,
an oxide layer forms during heating and becomes thicker, as the oxidation temperature
increases. The weight increases on average from 0.7 mg at 400 ◦C to 1.1 mg at 700 ◦C.
The reason for this is that oxidation of the matrix and alloying elements and carbides
occurs simultaneously during heating. It depends on the formed oxide layer, whether it
protects the steel from further oxidation. In other words, whether a formed oxide layer is
in thermodynamic equilibrium with the atmosphere under the given conditions or not.

Namely, in the transition from heating to the isothermal part of oxidation, it is crucial,
whether the oxide layer is already in thermodynamic equilibrium with the atmosphere and
protects the steel from further oxidation or not. The curves decrease at lower temperatures
(400–600 ◦C) and increase at oxidation temperatures of 700 ◦C in the case of a soft annealed
sample. Here it is essential, which has a greater influence on the oxidation rate or which
process controls the oxidation kinetics. The oxidation of the iron matrix is on one side and
the oxidation of carbides and other alloying elements in the matrix on the other side. In this
case, mainly chromium, molybdenum, silicon, and vanadium. At lower temperatures
(T < 700 ◦C), the oxidation of carbides and alloying elements dissolved in the matrix has
been shown to have a greater effect on the oxidation kinetics than the oxidation of iron,
even though the iron concentration in the matrix is highest. It has been shown that the
oxide layer in this temperature range consists of three sublayers, namely the outer hematite,
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the middle magnetite, and the inner spinel. It is the latter that best protects the steel
from further oxidation. Magnetite grows by the predominant transport of Fe2+ cations
to wüstite (not yet thermodynamically stable) and Fe3+ to hematite. At the same time,
grain boundaries in the oxide layer below 600 ◦C are very important for diffusion in both
magnetite and hematite [12,46–48]. However, in this temperature range, diffusion is limited
precisely because of the inner oxide sublayer, which consists of spinel oxide, so that the
diffusion of iron and oxygen, and thus the growth of the magnetite oxide sublayer is also
impeded. This is also contributed by the very fine crystalline grains of magnetite in the
inner oxide sublayer (Figures 10–12), which further impede diffusion. As a result, oxygen is
mainly used for the oxidation of carbides, which are most oxidized at the interface between
the middle/inner oxide sublayers. From the calculated Gibbs free energies (Figure 18),
chromium should oxidize first, then chromium spinels are formed, afterwards the oxidation
of M23C6 carbide starts, followed by the oxidation of iron and finally carbon. The oxidation
of the carbides themselves has been reported by several authors [49–53]. It was found
that M23C6 carbides start to oxidize in the air atmosphere at elevated temperatures and
thus can affect the oxidation kinetics, while MC carbides do not have a much effect on
the oxidation kinetics. Recent research [49] has shown that M23C6 (Cr23C6) carbides in
high-silicon ferritic/martensitic steel begin to oxidize under isothermal conditions in an
atmosphere of air at 823 K. It was found that carbides and areas around (with increased
alloying elements) can serve as potential sites for the formation of chromium oxides. In the
case of Cr23C6, chromium begins to form chromium oxide (Cr2O3), which is a product
of carbide oxidation. At the same time, the oxidation of the carbide itself also produces
CO2 [51], which is also a product of oxidation, the chemical reaction proceeds as follows:

4
93

Cr23C6 + O2 =
46
93

Cr2O3 +
8
31

CO2 (15)

The remaining molybdenum, silicon and iron also diffuse into the spinel oxide and
partially into the magnetite. However, chromium, will not form a single oxide (Cr2O3),
due to its low chromium content (5% by weight) [49,54,55]. As a result, it will react with
iron and oxygen after a chemical reaction (16) to form a spinel-shaped oxide that forms the
inner oxide sublayer.

2Fe + O2 + 2Cr2O3 = 2FeCr2O4 (16)

At the same time, MC (VC) carbides themselves do not have a significant effect on
the oxidation kinetics because, as can be seen from the Gibbs free energy calculations
(Figure 18), they oxidize last, slowly decompose into the inner oxide sublayer during
oxidation, vanadium slowly diffuses into spinel oxides due to the decomposition of carbides
and increases the density of the inner oxide sublayer. At the same time, it has been
demonstrated [35,49] that silicon is also incorporated into the spinel oxide.

There are more causes of curve oscillations (Figure 16). As can be seen from the
chemical reaction (15) and the oxidation reactions of other carbides (Figure 18), CO2 is
the product of carbide oxidation. This means that the local gas volume in the inner oxide
sublayer will increase, especially at the interface with the middle sublayer, as carbide
oxidation is most intense there. At the same time, the expansion coefficients (α) of the
individual oxides formed must be considered. The CO2 formed during the oxidation of
carbides will leave the oxide layer, which is seen on the curve as a slope in the negative
direction, as at the same time stresses are created in the oxide layer, causing cracking,
and some oxide to fall off. It has been proven by other authors that if the resulting gas
(CO or CO2, as in our case) cannot escape through micro channels (micro pores and cracks),
its pressure begins to increase, leading to the formation of new pores or even cracking
or oxide layer fractures [21,56]. Mainly for the purpose of demonstrating that part of the
oxide layer is crumbling, we also took an image of the morphology of the oxide layer
(Figure 19—orange circles) with a SEM to explain the oscillations of the curves obtained
with TG.
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Figure 19. Oxide layer morphology for H11 steel after oxidation at 400 ◦C. The places where the
oxide has fallen off (orange circles) and where the oxide has formed on the carbide (red squares)
are marked.

At high-temperature oxidation at 700 ◦C, the aforementioned effect is still visible in
a hardened and tempered sample, but in the soft annealed condition, it is only visible at
the beginning of the oxidation, after which the oxidation rate depends mainly on oxygen
and iron diffusion. This means that there is a faster diffusion of oxygen and iron in the
soft annealed sample, and the resulting inner oxide sublayer and carbide oxidation no
longer control the oxidation kinetics. In this case, chromium rich M23C6 carbides are no
longer oxidized as intensively, but begin to decompose and thus the alloying elements
begin to diffuse into the magnetite and form an inner oxide sublayer as is the case with
other carbides. This can also be seen by the fact that both the inner and middle oxide
sublayers are thicker than those that form in the temperature range between 400 ◦C and
600 ◦C. In addition, wüstite begins to form in the inner oxide sublayer, where iron diffusion
is most rapid. In the hardened and tempered sample, the influence of carbide oxidation
is still present, which is also evident from the curves. The curves at about 55 h oxidation
slowly begin to flatten their shape (no oscillations are visible), indicating that the oxidation
of the carbides no longer controls the oxidation kinetics.

In the soft annealed samples, the oxide grows throughout the crystal grain and on
the carbides. In a hardened and tempered sample, the areas with increased contents of
alloying elements and carbides oxidize first and then the matrix begins to oxidize.

Regarding the composition of the oxide layer, in all cases the oxide layer has the same
composition and differs only in the thicknesses, which increase with temperature. Thus,
the oxide layer consists of three sublayers, namely the outer hematite, the middle magnetite
and the inner one of spinel oxide (Fe, Cr)3O4. At the oxidation temperature of 700 ◦C
in the case of the soft annealed sample, the inner oxide sublayer consists of spinel and
some wüstite. However, in the case of the hardened and tempered sample, no wüstite was
detected. At the same time, a hematite band also appears on the contact surface between
the steel and the inner oxide sublayer at the temperature of 700 ◦C. A similar composition
of the oxide layer has also been reported by other researchers [40,57,58]. The thicknesses
increase from 3.8 μm to 154.2 μm for the soft annealed sample and from 0.1 μm to 117.1 μm
for the hardened and tempered sample (Table 3).
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In the temperature range 400–600 ◦C, the oxide layer also consists of three sublayers
(Figure 5). The inner oxide sublayer consists of spinel oxide ((Fe, Cr)3O4), which also
contains increased concentrations of molybdenum, silicon, vanadium, and manganese.
The middle oxide sublayer is also composed of magnetite, in which the concentrations of
chromium, molybdenum, silicon, manganese and vanadium are much lower. The outer
oxide sublayer, which is very thin, consists of hematite. This is also consistent with ther-
modynamic calculations, except in the case of molybdenum oxide, which was not formed.
Thermodynamic calculations also indicated that internal oxidation should take place,
which can be confirmed only in the case of the hardened and tempered sample, namely af-
ter oxidation at the temperature of 600 ◦C. Figure 20 shows the oxide layer of the H11
hot-work tool steel in soft annealed state, after oxidation at 500 ◦C. There are no differences
in the composition of the oxide layer between soft annealed and hardened and tempered
samples up to 700 ◦C. The only difference is the density of the inner oxide sublayer, which is
denser in the hardened and tempered samples, as shown by the EBSD results.

 

Figure 20. Oxide layer of H11 steel in the soft annealed state after oxidation at a temperature of 500 ◦C.

At 700 ◦C (Figure 21) in the case of the soft annealed state, the outer oxide sublayer
also consists of hematite, the middle of magnetite and some hematite, and the inner of
magnetite (Fe, Cr)3O4, hematite bands, and some wüstite. On the other hand, the oxide
layer formed on the hardened and tempered sample after oxidation at a temperature of
700 ◦C was denser and did not contain any wüstite, as shown by the results of the EBSD
analysis (Figure 15).

 

Figure 21. Oxide layer of H11 steel in the soft annealed state after oxidation at a temperature of 700 ◦C.
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The morphology of the oxide layer formed in soft annealed (H11) and hardened
and tempered (H11-HT) samples after oxidation at a temperature of 400 ◦C is shown in
Figure 22. In the case of the soft annealed sample, the oxide starts to grow over the entire
surface. On the other hand, in the case of the hardened and tempered sample, the areas
with elevated concentrations of alloying elements and carbides begin to oxidize first.

 
Figure 22. Morphology of the oxide layer of the soft annealed (H11) and hardened and tempered (H11-HT) sample after
oxidation at a temperature of 400 ◦C.

5. Conclusions

Chemical composition affects high-temperature oxidation. It depends on the alloying
elements, their content and affinity for oxygen, whether they form independent oxides or
whether they are involved in oxidation processes at all. In the case of AISI H11 hot-work
tool steel, silicon has the greatest affinity to oxygen, followed by chromium, molybdenum,
carbon, and others. However, silicon did not have much influence on the high-temperature
oxidation, since it was not present in the carbides (only in the matrix) and on the other
hand soft annealed samples had faster oxidation kinetics. So, we assumed that chromium
is the element that starts to oxidize first, since it was also present in the carbides.

Carbides and areas around (with increased concentration of alloying elements) can
serve as potential sites for the formation of oxides. This is most evident at lower tempera-
tures 400–500 ◦C, where oxidation of the Cr23C6 carbides controls the oxidation kinetics.
Oxidation of the carbides causes stresses in the inner oxide sublayer, leading to pores and
cracks, but can also lead to crumbling of the oxide layer, which is most evident in the oxi-
dation kinetics at 400 ◦C. The higher the temperature, the smaller the effect, as diffusion is
already so rapid that oxidation of the carbides no longer affects the oxidation kinetics of the
steel, so that even Cr23C6 carbides (≥700 ◦C) begin to slowly dissolve into the inner oxide
sublayer at higher temperatures. Other carbides present, however, have no significant
influence on oxidation.

The oxide layers formed during heating are in some cases sufficient protection to
preserve the steel from further oxidation. The result is that the mass, which has increased
during heating remains almost unchanged during further oxidation under isothermal
conditions. This is observed at a temperature of 500 ◦C, and even more so at a temperature
of 600 ◦C for both samples (soft annealed and hardened and tempered). Similarly, for the
hardened and tempered sample at a temperature of 700 ◦C. In these cases, the change in
mass is minimal, confirming the assumption that an oxide layer formed during heating
provides sufficient protection to keep the steel from further oxidation.

Oxidation kinetics are also affected by the heat treatment of the steel. In general,
the oxidation kinetics of the hardened and tempered samples are slower than the oxidation
kinetics of the soft annealed samples. Small differences occur at a temperature of 400 ◦C
and 500 ◦C. However, at 600 ◦C and 700 ◦C a difference is seen between soft annealed and
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hardened and tempered samples, with the oxidation kinetics of the latter being slower.
This is largely influenced by the alloying elements dissolved in the matrix. More alloying
elements are dissolved in the hardened and tempered samples and consequently the inner
oxide sublayer formed is denser, preventing further diffusion of iron and oxygen.

Heat treatment affects the growth of the oxide layer and the size of the crystal grains
in the oxide layer. As has been shown, the oxide layer, especially the inner sublayer,
is denser in hardened and tempered samples. As a result, the growth of the oxide layer
is slower because the diffusion of oxygen, iron and other alloying elements is impeded.
Consequently, since the crystal grains in the matrix of the hardened and tempered samples
are much smaller, the crystal grains in the oxide layer, especially in the inner sublayer,
are also smaller than in the soft annealed samples.

Thermodynamic calculations give a first insight into the composition of the oxide
layer. From the calculated thermodynamic results, one can conclude which oxides will
form after oxidation at a given temperature. It has been shown that the calculations can be
very accurate, provided we set all the input data correctly.
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Abstract: 9CrMoW steel tubes were welded in multiple passes by gas-tungsten arc welding. The
reheated microstructures in the Gr. 92 weld metal (WM) of a multiple-pass weld were simulated
with an infrared heating system. Simulated specimens after tempering at 760 ◦C/2 h were subjected
to constant load creep tests either at 630 ◦C/120 MPa or 660 ◦C/80 MPa. The simulated specimens
were designated as the over-tempered (OT, below AC1, i.e., WT-820T) and partially transformed
(PT, below AC3, i.e., WT-890T) samples. The transmission electron microscope (TEM) micrographs
demonstrated that the tempered WM (WT) displayed coarse martensite packets with carbides along
the lath and grain boundaries. Cellular subgrains and coarse carbides were observed in the WT-820T
sample. A degraded lath morphology and numerous carbides in various dimensions were found
in the WT-890T sample. The grain boundary map showed that the WT-820T sample had the same
coarse-grained structure as the WT sample, but the WT-890T sample consisted of refined grains.
The WT-890T samples with a fine-grained structure were more prone to creep fracture than the WT
and WT-820T samples were. Intergranular cracking was more likely to occur at the corners of the
crept samples, which suffered from high strain and stress concentration. As compared to the Gr.
91 steel or Gr. 91 WM, the Gr. 92 WM was more stable in maintaining its original microstructures
under the same creep condition. Undegraded microstructures of the Gr. 92 WM strained at elevated
temperatures were responsible for its higher resistance to creep failure during the practical service.

Keywords: 9CrMoW; weld metal; reheated microstructure; creep resistance

1. Introduction

Increasing the steam pressure and operating temperature of a boiler in a coal-fired
power plant can reduce the CO2 emissions and save energy. Advanced 9–12 Cr ferritic steels
are often applied to manufacture boilers in ultra-supercritical fossil-fired power stations [1].
The Gr. 92 steel is applied extensively to replace T/P91 steel in steam pipes, headers,
reheaters and superheaters [1]. M23C6 carbides precipitate mainly at the prior austenite
grain boundaries (PAGBs). The MX precipitates composed of V, Nb, C, and N are dispersed
in tempered martensite laths of normalized and tempered T92 steel [2]. Moreover, after a
long period of service, the microstructures of the Gr. 92 steel deteriorate, and the mechanical
properties are degraded. After creep of Gr. 92 steel, the laths and M23C6 carbides increase
in size and the dislocation density decreases near the crack tip, as compared with those of
the virgin material [3]. Aging P92 weld metal (WM) at 625 ◦C/1000 h causes a decisive
reduction in the impact energy, which is ascribed to the coarse solidified microstructure,
Laves phase and M23C6 carbide [4].
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Complex transformation proceeds in the heat-affected zone (HAZ) of an arc weld.
Creep failure in the HAZ of advanced ferritic steel welds is identified as Type IV
cracking [5–8]. The cracking of the Gr. 92 steel is attributed to the lack of precipitation-
strengthening at PAGBs and block boundaries [9–11]. The coarsening of M23C6 carbides at
the PAGBs can be inhibited by adding B at 130 ppm to 9CrWCo steel [12]. Moreover, in-
creasing B and decreasing N contents can suppress grain refinement after welding through
a larger pinning effect imposed by B-stabilized M23C6 carbides [13]. Among the different
zones of the P92 weld, the fine-grained HAZ (FGHAZ), heated just above the temperature
of AC3, shows the highest degree of creep damage [14]. As reported in international jour-
nals, the microstructural evolution of an advanced ferritic steel weld generally focuses on
the creep failure of the simulated HAZ, and less attention is paid to the WM. The creep
growth rate of the P92 WM is faster than that of the base metal (BM) but slower that of
the FGHAZ [15]. With the same tempering at 760 ◦C/2 h, re-austenization at 1050 ◦C can
significantly increase the Charpy energy of the Gr. 92 WM [16]. Despite the finer structure
of electron and laser beam welds, as compared to gas-tungsten arc welds, the variation in
hardness in the Gr. 92 WM with the three welding processes is not significant [17].

In the open literature, great concern has been paid to the degradation of creep resis-
tance in the FGHAZ of the 9–12 Cr steel welds. It is noticed that few studies have clarified
the effects of the solidified microstructure and/or welding thermal cycle on the creep
resistance of Gr. 92 WM. In a multiple-pass weld, the prior deposits will be reheated by the
following passes, producing a reheated microstructure. The microstructures of the reheated
zone in the WM will depend on the peak temperature of the imposed thermal cycles. In this
study, the reheated microstructure in a Gr. 92 WM was simulated by an infrared heating
system. The goal of this study was to inspect the simulated over-tempered and partially
transformed microstructures in the WM of a multiple-pass weld. Furthermore, the impacts
of welding thermal cycles on the microstructures of the Gr. 92 WM were related to creep
rupture life.

2. Material and Experimental Procedures

Gr. 92 tubes with 50 mm in diameter and 9.6 mm in wall thickness were applied
for the butt joint in this work. The chemical composition of the tube was 0.003 B, 0.12 C,
8.89 Cr, 0.43 Mn, 0.47 Mo, 0.038 N, 0.05 Nb, 0.24 Ni, 0.014 P, 0.002 S, 0.23 Si, 0.003 Ti, 1.76 W,
0.20 V and balanced Fe in wt.%. The wire filler composition was 0.002 B, 0.09 C, 9.66 Cr,
0.65 Mn, 0.44 Mo, 0.037 N, 0.12 Nb, 0.42 Ni, 0.013 P, 0.002 S, 0.29 Si, 0.0002 Ti, 0.19 V, 1.46 W
and balanced Fe. A single V groove was machined for the gas-tungsten-arc welding of the
T92 tube in multiple passes. Due to the size restriction of the T92 tube, a Gr. 91 steel plate
of 12.5 mm cut into a double V groove was used as the substrate for the preparation of the
creep sample of all WM. The schematic dimensions of the tested sample sliced from the
butt-welded groove weld are shown in Figure 1. A dilatometer preset at distinct heating
and cooling rates was examined to determine the AC1, AC3, Ms and Mf temperatures of the
WM for comparison with the T92 substrate [18]. The tempered WM (WT) was heated using
an infrared heater to generate the reheated microstructures present in a multiple-pass weld.
Reheated microstructures were produced by heating the tempered WM to 820 ◦C (WT-820)
or 890 ◦C (WT-890) for 60 s. These temperatures were slightly below either the AC1 or AC3
temperatures of the WM, respectively. The simulated specimens were tempered at 760 ◦C
for 2 h and labeled the WT-820T or WT-890T, according to the prior heating temperature.
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Figure 1. (a) The butt-welded groove weld; the dimensions of the (b) tensile, (c) Charpy V-notch and
(d) creep samples cut from the finished weld.

The sample hardness was obtained with a MVK-G1500 micro-Vickers hardness tester
(Mitutoyo, Kawasaki, Japan) under 300 gf loading for 15 s. To assess the influence of the
reheated microstructures on the creep resistance, simulated specimens after tempering
were subjected to the short-term creep tests with a constant load at either 630 ◦C/120 MPa
or 660 ◦C/80 MPa. As shown in Figure 1b,c, the tensile and impact specimens of 5 mm
thickness satisfied the ASTM E8 and E23 specifications, respectively. The tensile strain
rate was kept at 1.6 × 10−4/s at room temperature. The creep tests were terminated if
no cracking occurred after straining for 4000 h. The results shown in this work are the
average of three samples for each test. Their microstructures were explored with the aid
of a JSM-7100F scanning electron microscope (SEM, JEOL, Tokyo, Japan). The minute
microstructures in the specimens were investigated using a Tecnai G2 F30 transmission
electron microscope (TEM, FEI, Hillsboro, OR, USA). A NordlysMax2 electron backscatter
diffraction (EBSD, Oxford Instruments, Abingdon, UK) detector was used to examine the
grain size, high-angle and subgrain boundaries of the sample.

3. Results

3.1. Determination of Transformation Temperatures

Table 1 lists the measured AC1, AC3, Ms and Mf temperatures of the Gr. 92 WM at
selected heating/cooling rates and compared them with those of the T92 substrate [18].
Transformation temperatures of AC1 and AC3 increased slightly with an increase in the
heating rates. For the heating/cooling rates of 15 ◦C/s, the AC1 and AC3 temperatures of
the Gr. 92 WM were 862 ◦C and 898 ◦C, relative to 886 ◦C and 934 ◦C for the T92 substrate.
The AC1 and AC3 temperatures of the Gr. 92 WM were 20–30 ◦C lower than those of the
T92 substrate. This implied that the phase transformation of Gr. 92 WM would occur at a
lower temperature range than that of the T92 substrate if multiple welding passes were
performed. In contrast, the Ms temperature was around 380 ◦C and the Mf temperature
dropped to about 250 ◦C at the high cooling rate (45 ◦C/s). Thus, martensite would be
formed completely after the solidified WM cooled to room temperature.
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Table 1. Transformation temperatures of Gr. 92 WM determined by a dilatometer at specific heat-
ing/cooling rates.

Temperature (◦C)

Rates (◦C/s) Heating Rate (◦C/s) Cooling Rate (◦C/s)

5 15 30 45 5 15 30 45

AC1 851 862 869 894 - - - -
AC3 880 898 904 933

Ms - - - - 388 385 384 377
Mf 285 284 280 249

3.2. Microhardness Distribution in the Cross Welds

The cross-sectional appearance of a T92 weld and microhardness curves in the as-
welded (AW) and tempered conditions are shown in Figure 2. The WM microhardness
fell to a range of HV 380 to 420 in the AW condition. The maximum microhardness above
HV 450 appeared in the site near to the fusion boundary (FB). In the AW condition, the
HAZ showed high hardening at a depth within 3 mm from the FB, and then a steep
drop in microhardness further away from the FB. After tempering at 720 ◦C/2 h, the WM
hardness decreased to below HV 350 and the HAZ microhardness dropped obviously,
as compared with that of the AW condition. With an increase in tempering temperature
to 760 ◦C, continuous decreases in WM and HAZ microhardness were observed, but the
softening effect was weaker. The results reveal that the BM microhardness was less affected,
regardless of the tempering conditions. It was noticed that a narrow soft zone developed
ahead of the BM and it was more obvious in the weld tempered at 760 ◦C. Overall, after
tempering at 760 ◦C, the WM microhardness was a little higher than those of the BM
and HAZ.

Figure 2. (a) Macroscopic appearance of a T92 weld in cross-sectional view cut from the butt-welded tube, (b) microhardness
curves of the welds determined from the centerline of the WM across the heat-affected zone (HAZ) to the base metal (BM)
in the as-welded and tempered conditions.

3.3. Mechanical Properties of a Cross Weld

Table 2 lists tensile properties of the Gr. 92 cross weld and the impact toughness
of the WM in the AW or tempered conditions at 25 ◦C. For the T92 BM cut from the
steel tube, the ultimate tensile strength (UTS) and yield strength (YS) were about 711 and
554 MPa, respectively. The elongation of the T92 BM was as high as 29%. In the AW
condition, the UTS of the cross weld (707 MPa) was about the same as that of the BM, but
the YS of the weld (526 MPa) was about 30 MPa lower than that of the BM. Moreover,
the elongation of the cross weld (17%) in the AW condition was obviously lower than
that of the BM, which could be attributed to the minimal deformation of the hardened
HAZ during straining. Moreover, the fracture location of the AW condition was at the
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BM. In the cross weld tempered at 740 ◦C, the UTS and YS of the weld were 667 and
500 MPa, respectively, together with 21% elongation. Increasing the tempering temperature
to 760 ◦C, the UTS and YS of the weld decreased to 659 and 472 MPa, respectively, and
the elongation improved to 24%. After tempering, the fracture locations of all the cross
welds were at the HAZ near to the BM. The results indicate that increasing the tempering
temperature would reduce the tensile strength but improve the ductility of the cross weld,
as compared to the AW condition. A sub-size Charpy V-notch specimen of 5 mm thickness
was used to determine the impact energy of the WM. The impact energy of T92 BM was
about 80 J, which was obviously higher than that of the WM (12 J) in the AW condition.
After tempering at 740 ◦C, the impact energy of the tempered WM was about 54 J, which
was slightly lower than that of the BM. The impact energy of the WM raised to 80 J after
tempering at 760 ◦C. The results indicate that the WM had very high brittleness in the AW
condition, whereas the WM tempered at 760 ◦C exhibited the same resistance to impact
fractures as the BM.

Table 2. Typical mechanical properties of the Gr. 92 cross welds in the as-welded and post-weld
tempered conditions.

Specimen
Yield Strength

(MPa)
Ultimate Tensile
Strength (MPa)

Elongation (%)
CVN Impact
Toughness (J)

AW 1 506 707 17 12
PT 1 2 500 667 21 54
PT 2 3 471 659 24 80
BM 4 554 711 29 80

1 AW: as-welded. 2 PT 1: post-weld tempering at 740 ◦C/2 h. 3 PT 2: post-weld tempering at 760 ◦C/2 h. 4 BM:
base metal.

3.4. Microhardness of the Simulated Sample

The micro-Vickers hardnesses of the WM specimens after different thermal treatments
were determined. The peak WM microhardness in the AW condition (W sample) was about
HV 450 and showed a certain degree of fluctuations in the microhardness of WM owing to
the imposed thermal cycles of subsequent passes. After tempering at 760 ◦C/2 h, the micro-
hardness of the WT sample was reduced to HV 266. The WT specimens reheated to 820 ◦C
(WT-820) demonstrated little change in microhardness (HV 263) as compared with that of
the WT sample. It was indicated that the short-term over-tempering at 820 ◦C induced less
variation in the microstructures. Subjecting the WT-820 sample to tempering treatment, the
specimen’s microhardness decreased slightly to HV 254 (WT-820T sample). In the case of
the WT sample reheated to 890 ◦C (WT-890 sample), the sample microhardness rose to HV
354, which was the result of incomplete hardening. Tempering the WT-890 sample was
found to lower its microhardness to about HV 259, i.e., the WT-890T sample. The results
reveal that the WT, WT-820T and WT-890T samples were all similar in microhardnesses
but might have different microstructures.

3.5. Microstructural Observations and IPF Identifications

SEM micrographs and the inverse pole figure (IPF) maps, illustrating individual grain
orientations of the WT, WT-820T and WT-890T samples in different colors, are displayed in
Figure 3. Different colors in the IPF map represent the different orientations of the grains.
The martensite packets of the WT sample were very coarse and mostly aligned in the same
direction (Figure 3a,b). Coarser martensite packets separated by grain boundaries were
seen in the WT-820T sample (Figure 3c,d). Those observations indicate that the short-term
over-heating had little effect on the Gr. 92 WM microstructure. However, dislocation
recovery, break-down of the lath structure, polygonization and carbide coarsening can
occur during over-tempering of Gr. 92 steel [18,19]. Moreover, significant changes in
granular morphology occurred in the WT-890T sample (Figure 3e,f). The SEM micrograph
(Figure 3e) revealed that the WT-890T sample seemed to be composed of many fine grains.
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The IPF map showed that the coarse martensite packets in the WT and WT-820T samples
were replaced by short and fine ones in the WT-890T sample (Figure 3f). The fine-grained
zone in the WM could be found after reheating to below the AC3 temperature in a multiple
pass weld.

Figure 3. (a,b) WT, (c,d) WT-820T, (e,f) WT-890T. (a,c,e) Scanning electron micrographs; (b,d,f) the
corresponding inverse pole figure (IPF) maps.

TEM micrographs of the Gr. 92 WM tempered under different conditions are shown in
Figure 4. In the AW condition, the WM consisted of lath martensite with a high dislocation
density and few precipitates in the sample (Figure 4a). After tempering at 760 ◦C, the
dislocation density of the WT sample decreased, and the lath martensite boundaries and
grain boundaries were decorated by precipitates (Figure 4b). The main precipitates present
in the WT specimens were M23C6 carbides, as confirmed by the diffraction pattern. It has
been reported that some fine precipitates, possibly carbides or carbonitrides (NbC, VC, and
(NbV)(CN)), could be dispersed in the tempered martensite matrix [2]. For the WT-820T
sample, the TEM micrograph showed a low dislocation density and fine cell subgrains
instead of parallel lath martensite (Figure 4c), as compared to the WT sample. Furthermore,
some carbides in the WT-820T sample aggregated to a very coarse size of about 400 nm
and above. As shown in Figure 4d, the degraded lath morphology and the precipitation of
numerous carbides of different sizes were seen in the WT-890T sample. The carbides in the
WT-890T sample were greater in amount than those in the WT and WT-820T samples, but
the exact reason for this is not known at this time.

40



Metals 2021, 11, 847

Figure 4. TEM micrographs of the (a) W, (b) WT, (c) WT-820T and (d) WT-890T samples.

3.6. Grain Boundary Characteristics

Figure 5 presents grain boundary maps showing the grain boundary characteristics of
distinct samples. The PAGBs are high-angle grain boundaries (HAGBs), whereas the lath
boundaries and block/packet boundaries are low-angle grain boundaries (LAGBs). As
shown in Figure 5, the LAGBs are indicated by red (1◦~5◦) and green (5◦~15◦) lines, whereas
the HAGBs (15◦~62.5◦) are indicated by black. The IPF map (Figure 3b) demonstrates
that the WT sample consisted of coarse martensite packets. The grain boundary map
of the WT sample shows that the coarse martensite packets were outlined by HAGBs
(Figure 5a). Furthermore, the appearance of the HAGBs within a coarse grain (Figure 5a)
was attributed to different orientations of the martensite packets, which was supported by
the IPF map. The grain boundary feature (Figure 5b) of the WT-820T sample was similar
to that of the WT one; both had coarse granular structures and coarse martensite packets.
Moreover, few fine grains were present at the HAGBs of the WT-820T sample (Figure 5b).
It was found that the HAGBs of the WT-890T sample occupied a large portion of the map
(Figure 5c). The coarse-grained structure of the WT sample was replaced by numerous
irregular fine grains in the WT-890T sample (Figure 5c). This revealed that the WM reheated
to the temperature slightly below the AC3 temperature had a fine-grained structure. Those
fine-grained structures were anticipated to deteriorate Gr. 92 WM creep resistance.
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Figure 5. Grain boundary maps of the (a) WT, (b) WT-820T and (c) WT-890T samples.

3.7. Short-Term Creep Tests

Short-term creep tests were performed under the conditions either at 630 ◦C/120 MPa
or 660 ◦C/80 MPa. Specimen elongation was also used to rank the creep resistance of
the specimens. The WT samples did not fracture during the test period, despite the
testing conditions. The WT-820T samples were resistant to rupture during the creep
tests, but one of the samples fractured at 3472 h under the 630 ◦C/120 MPa conditions
(Figure 6a). Moreover, the creep life of the WT-890T sample was much shorter than those
of other samples under the 630 ◦C/120 MPa condition. As revealed in prior works [18–21],
simulated thermal treatment will shorten the creep life of the sample, as compared to
that of the original substrate, particularly in the case of the partially transformed samples.
The results demonstrate that the reheated WM, which had been heated to the two-phase
region, had the lowest creep resistance among the distinct zones of the WM. Under the
660 ◦C/80 MPa conditions, none of the samples fractured within the testing period, as
shown in Figure 6b.

3.8. Fracture Features

The fracture features of the tensile and impact samples in the AW or tempered condi-
tions were inspected, as shown in Figure 7. Before the tensile test, the sample was polished
and slightly etched to ensure that the fracture location could be distinguished more accu-
rately after tensile straining. The fracture of tensile specimens was located at the outer edge
of the HAZ, regardless of the tempered conditions. In addition, the WM was resistant to
deformation during straining (Figure 7). The slightly necked zone, symmetrically located
with respect to the fracture site, was used to identify the weak zone in a cross weld. Tensile
fracture of the weld in the AW condition was located at the BM (Figure 7a). The tempered
weld was prone to rupture in the over-tempered zone just ahead of the BM (Figure 7c,e).
The high thickness reduction in the tensile fractured zone was associated with extensive
ductile dimple fracture (not shown here). The macro-fractured appearance of impact welds
is shown in Figure 7b,d,f. The AW samples, as expected due to their low impact toughness,
exhibited a flat fracture surface (Figure 7b). By contrast, the tempered welds showed a
high distortion and change in sample profile (Figure 7d,f), which was related with the
high resistance to impact rupture. The wide extent of the cleavage fracture was seen in
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the impact-fractured sample in the AW conditions, whereas ductile dimples were seen
extensively in the tempered samples.

Figure 6. Short-term creep tests of the WT, WT-820T, WT-890T samples at (a) 630 ◦C/120 MPa,
(b) 660 ◦C/80 MPa.

Figure 7. Appearance of the fracture zone in the welds in the (a,b) AW, (c,d) PT 1 and (e,f) PT
2 conditions. (a,c,e) the side view of the tensile fractured samples; (b,d,f) impact fractured samples.
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The typical fracture features of crept samples were examined with an SEM, as shown
in Figure 8. The crept fracture appearance of the WT-890T sample macroscopically showed
obvious plastic deformation before rupture (Figure 8a) and microscopically mainly dis-
played fine dimples under the 630 ◦C/120 MPa conditions (Figure 8b). The occurrence of
intergranular fracturing (as indicated by the arrow) at the specimen corner of the WT-890T
sample (Figure 8b) was seen. By contrast, the fracture features of the WT-820T samples
(creep life: 3472 h) showed mixed mode fracturing under the 630 ◦C/120 MPa conditions
(Figure 8c). Intergranular fracturing (indicated by the arrows in Figure 8d) was observed
predominantly at the corners of the WT-820T specimen after creep-straining. Moreover,
the fast fracture (FF) zone displayed predominantly ductile dimple fracture in the tested
sample. With increasing the creep life of the tested sample, intergranular fracturing was
more likely to be observed.

Figure 8. Fracture features of the crept samples: (a,b) WT-890T; (c,d) WT-820T at 630 ◦C/120 MPa.

Although not all of the tested samples fractured during the creep tests, creep defects
could be also induced in the samples. The investigated specimen was cut from the gage
section of the sample crept under the 660 ◦C/80 MPa conditions and subjected to met-
allographic preparation before inspection. The trace of carbides exhibited the profile of
PAGBs. Figure 9 presents the microstructures of the samples before and after the creep
loading. Before the creep-straining (Figure 9a,c,e), the precipitates in the original samples
were very fine when inspected by SEM, especially in the WT sample. As compared with
the initial state, a decrease in carbide density and an increase in carbide size occurred after
creep-straining. Coarse precipitates in the WT-820T and WT-890T samples were observed
after creep-loading, which implied the degraded creep strength (Figure 9d,f). The high
density of carbides decorating the grain boundaries of the WT-890T sample revealed its
fine-grained structure (Figure 9e,f). Under the creep-straining, microcracks were prone to
be induced at the corners of the tested sample (Figure 9b,d,f), which propagated mainly
along the grain boundaries. According to the carbide distribution, the coarse-grained
structure was maintained in the WT and WT-820T samples (Figure 9b,d), but a fine-grained
structure was found in the WT-890T sample (Figure 9f) after the creep tests.
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Figure 9. Changes in the microstructures of the samples before and after the creep-straining at
660 ◦C/80 MPa: (a,b) WT, (c,d) WT-820T, (e,f) WT-890T samples.

4. Discussion

As mentioned previously, the AC1 and AC3 temperatures of the Gr. 92 WM were about
20–30 ◦C lower than those of the Gr. 92 tube. At the heating/cooling rates of 15 ◦C/s, the
AC1 and AC3 temperatures of the Gr. 92 WM were 862 ◦C and 898 ◦C, respectively. This
indicated that over-tempering or fully austenitic transformation of the Gr. 92 WM would
occur at lower temperatures, relative to the T92 substrate, if welding thermal cycles were
applied. The microhardness distribution showed that the HAZ ahead of the BM had the
lowest hardness among the distinct regions of a T92 cross weld, which could be attributed
to the over-tempering induced by welding thermal cycles. The WM in the AW condition
had very low impact toughness (12 J) relative to that of the steel substrate (80 J). After
tempering at 740 ◦C, the impact energy of the tempered WM (54 J) was slightly lower
than that of the BM. The impact energy of the WM could be raised to that of the substrate
after post-weld tempering at 760 ◦C/2 h. With an increase in the post-weld tempering
temperature, a gradual reduction in the tensile strength but an increase in ductility of
the cross weld occurred. After the post-welding tempering, the tensile fracture of a cross
weld occurred in the over-tempering zone, which was slightly ahead of the BM. The over-
tempering zone in the T92 cross weld accounted for the inferior tensile properties of the
weld, as compared to the T92 substrate.
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The grain boundary and IPF maps of the WT and WT-820T samples revealed that
coarse martensite packets were inter-dispersed in a coarse-grained structure and outlined
by HAGBs. By contrast, the WT-890T sample comprised numerous irregular fine grains.
The fine-grained structure of the WT-890T sample was proven to degrade its creep resis-
tance. The creep life of the WT-890T sample was found to be much shorter than those of
other samples under the 630 ◦C/120 MPa conditions. The relatively high elongation of the
WT-890T sample also confirmed its inherent low creep strength at elevated temperature.
The crept fracture appearance of the WT-890T sample revealed obvious plastic deforma-
tion macroscopically and mainly fine dimples microscopically under the 630 ◦C/120 MPa
conditions. Moreover, intergranular cracks were found predominantly at the corners of the
WT-820T sample after creep-straining for 3472 h.

Although none of the samples fractured within the testing period under the
660 ◦C/80 MPa conditions, creep defects still could be found in the tested samples. Creep
voids were occasionally seen at the interior grain boundaries of the creep samples. The
results indicate that the intergranular fracture was more likely to be seen in the crept
samples with an increase in creep life (Figure 8d). It was deduced that the high surface
strain combined with the high stress concentration at the specimen corners led to inter-
granular separation. It was deduced that the linking of surface creep voids into surface
microcracks caused the creep fracture in the tested samples. Softening during the creep
could result from two factors: the coalescence of subgrains and dislocation recovery, or
coarsening of fine M23C6 carbides that hindered the subgrains and boundary motion. In
prior work [19,21,22], the IPF maps and grain boundary maps around the fracture zones of
creep-ruptured Gr. 91 and Gr. 92 samples exhibited a fine-grained structure and texture,
which was related to dynamic recrystallization under straining at elevated temperature. As
compared to the Gr. 91 steel or Gr. 91 WM, the Gr. 92 WM was more stable in maintaining
the initial coarse microstructures under the same creep conditions, as shown in Figure 9.
Undegraded microstructures of the Gr. 92 WM during straining at elevated temperature
were responsible for its higher resistance to creep failure during the practical service.

5. Conclusions

An infrared heating system was used to simulate the reheated microstructures of Gr.
92 WM. The short-term creep life of the simulated samples was determined, and the results
were related with the inherent microstructures of the samples.

(1) Despite the tempering condition, the HAZ ahead of the BM had the lowest hardness
among the distinct regions of a T92 cross weld. The AW WM was very brittle and
showed low impact toughness relative to that of the substrate. After tempering at
740 ◦C, the impact energy of the tempered WM was slightly lower than that of the
BM. The impact energy of the WM could be increased to that of the substrate after
tempering at 760 ◦C/2 h. When increasing the post-weld tempering temperature,
a gradual reduction in the tensile strength, but an increase in the ductility of the
cross weld, occurred. The over-tempering zone in a T92 cross weld accounted for the
inferior tensile properties of the weld, as compared to the T92 substrate.

(2) The WT and WT-820T samples displayed coarse martensite packets inter-dispersed in
a coarse-grained structure. By contrast, the WT-890T sample comprised numerous
irregular fine grains. The creep life of the WT-890T sample was much shorter than
those of the other samples under the 630 ◦C/120 MPa condition. Intergranular
fracture was more likely to be found in the crept samples with increases in creep life.
The high surface strain combined with the high stress concentration in the specimen
corners assisted intergranular separation therein. By contrast, ductile dimple fracture
was associated with the fast rupture zone in the sample. It was concluded that the
fine-grained structure of the WT-890T sample played a crucial role in deteriorating its
creep resistance. The formation of refined grains in the WM of the multiple-pass weld
was not avoidable, but could be mitigated by lowering the heat input during welding.
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(3) As compared to the Gr. 91 steel substrate or Gr. 91 WM, the Gr. 92 WM was
more stable in maintaining the original microstructures under the same creep con-
ditions. Undegraded microstructures of the Gr. 92 WM during straining at elevated
temperatures were responsible for its higher resistance to creep failure during the
practical service.

Author Contributions: Experiment, Y.-L.C., C.-C.W. and T.-C.C.; formal analysis, R.-K.S.; writing—
original draft preparation, L.-W.T. and R.-K.S.; writing—review and editing, L.-W.T.; funding acquisi-
tion, L.-W.T. All authors have read and agreed to the published version of the manuscript.

Funding: This research was funded by the Ministry of Science and Technology, R.O.C. (Contract No.
MOST 106-2221-E-019 -060 -MY3). The authors also acknowledge MOST for research support of TEM
examinations (Tecnai G2 F30).

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

Nomenclature

WM weld metal
PT partially transformed
OT over-tempered
TEM transmission electron microscope
WT tempered weld metal
PAGBs prior austenite grain boundaries
HAZ heat-affected zone
FGHAZ fine-grained heat-affected zone
BM base metal
SEM scanning electron microscope
EBSD electron backscatter diffraction
AW as-welded
FB fusion boundary
PT post-weld tempering
UTS ultimate tensile strength
YS yield strength
IPF inverse pole figure
HAGBs high-angle grain boundaries
LAGBs low-angle grain boundaries
FF fast fracture
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Abstract: The microstructures and tensile properties of fresh and aged reformer furnace tubes and
a fresh-to-aged welded joint were investigated to assess the weldability of fresh-to-aged reformer
furnace tubes. Damage evaluation of the fresh-to-aged welded joint was also carried out using
the modified Kachanov–Rabotnov model. The experimental results showed that M7C3 carbide
transforms into M23C6 carbide and secondary carbides precipitate in the matrix after aging treatment.
With continuous exposure, the interdendritic precipitates coalesced and coarsened and the number
of secondary carbides reduced gradually. Microdefects were absent in the fresh-to-aged welded
joint, and the tensile properties of the welded joint were close to the as-cast alloy, which confirms
the weldability of fresh-to-aged furnace tubes. According to the results of the simulation, stress
redistribution occurred during the creep process and the peak damage of the welded joint was
located in the aged tube. The maximum damage of the fresh-to-aged welded joint reached 34.01% at
1.5 × 105 h.

Keywords: reformer furnace tube; weldability; damage; fresh-to-aged welded joint

1. Introduction

A steam reformer furnace tube is the key component for producing hydrogen and
carbon monoxide in a steam reformer furnace [1–3]. The designed lifetime of reformer
furnace tubes is 105 h according to API 530 [4]. Due to the elevated temperature and inner
pressure, the tube mainly suffers from creep damage under service conditions, which
contributes greatly to the lifetime of the furnace tube [2,5–7]. Furthermore, the outer
surface of the tube is also subjected to oxidation damage [8,9]. Therefore, it is necessary to
develop a heat resistance alloy to withstand severe service conditions so as to extend the
lifetime of the furnace tube. In the past decades, heat-resistant HP40Nb (25Cr35Ni1Nb)
alloy has been developed by adding a small amount of niobium to HP40 alloy [10–13].
The alloy is being widely used for steam reformer furnace tubes due to superior oxidation
and creep resistance as well as mechanical properties at elevated temperatures, including
strength and toughness. Actually, the wall temperature in the whole furnace tube is
heterogeneous, which leads to inhomogeneous damage distribution [7]. The maximum
temperature in the lower segment can reach as high as 950 ◦C, and the microstructures
are seriously deteriorated after long-term thermal exposure. The tubes should be replaced
for the safety of steam reformers. Nevertheless, the damage level in the upper segment
is comparatively lower and the upper tubes can continue to service. Additionally, the
reformer tubes comprise a significant fraction of the petrochemical reforming plants cost,
due to the high alloy content [7,14]. Therefore, there is a cost-driven motivation of local
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repairment in contrast to replacing the entire set of tubes, where the lower portion with the
deteriorated microstructures is replaced with an as-cast tube [7,15]. Unfortunately, welding
as-received tubes to aged ones may bring about weldability issues due to the diversities in
microstructures and mechanical properties.

As is known to all, the microstructures of as-cast HP40Nb alloy are composed of a
supersaturated austenite matrix and interdendritic primary carbides (M7C3, M23C6, and
NbC). The primary NbC and M7C3 carbides transform into the G phase [3,9–11,16] and
M23C6 carbide after thermal exposure, respectively [5,11,16,17]. The secondary M23C6
carbide precipitates in the matrix. Meanwhile, the inter- and intradendritic phases are
coarsen and the morphology of precipitates changes gradually with continuous exposure.
The phase transformation and precipitate coarsening both result in a reduction in me-
chanical properties of the alloy, leading to low weldability. Studies suggest that the G
phase can decrease the creep strength [11], while the weldability is not affected and is
correlated to the coarsening precipitates [14]. In terms of the weldability of the component,
there are several assessment methods. Weldability can be evaluated by some standard
weldability tests and the corresponding test specimen, including a Tekken test specimen
and a CTS specimen [18,19]. After welding, non-destructive tests are conducted, including
visual, penetrant, radiographic, and ultrasonic tests. If welding cracks and other defects
are absent, further destructive tests are performed, such as tensile, bending, impact, and
metallographic tests. As mentioned above, the microstructures of the reformer tube change
with continuous service exposure and the degradation of the microstructure leads to a
reduction in mechanical properties, especially tensile properties. Therefore, weldability can
be primarily judged by the absence of post-welding macro-cracks for an HP40Nb reformer
tube [20,21]. In addition, the elongation of aged tubes at room temperature equal to or
greater than 4% are considered to be weldable according to technical guidelines [14,22].
Therefore, the weldability of the reformer tube can be assessed by non-destructive tests
followed by destructive tests, including microstructural characterization and tensile tests.
Although investigations on the weldability of a serviced reformer tube are sufficient, stud-
ies on the weldability of fresh-to-aged reformer tubes in view of microstructures and
mechanical properties are rare. Additionally, the damage evaluation of the fresh-to-aged
welded joint should also be implemented to predict the lifetime of reformer tubes after local
repairment. For the life prediction of components controlled by creep, it is necessary to
analyze their creep behavior and evaluate the damage evolution. Continuum damage me-
chanics is usually used to reflect creep damage and to describe creep deformation behavior,
which can be categorized into empirical-based models [23–27] and physical-based mod-
els [28–31]. Empirical-based damage models define a single damage variable to quantify
the average loss of strength, while physical-based models usually couple different damage
variables into a sinh function to study the influence of different damage mechanisms on
creep deformation. The empirical-based Kachanov–Robatnov (KR) model [23,24] has been
widely used owing to its accurate prediction and the available parameters. In our previous
investigation [15], the damage evolution of the service furnace tube was deduced based on
the modified KR model [26]. However, the issues in damage assessment of fresh-to-old
reformer tubes have not been investigated.

In this paper, accelerated aging treatments were carried out for as-cast HP40Nb alloy
to simulate the service microstructure. The weldability evaluation of fresh-to-aged reformer
tubes was conducted based on their microstructures and tensile properties. Furthermore,
the damage evolution of fresh-to-aged welded joints was also predicted using the modified
Kachanov–Robatnov damage model based on the creep data of HP40Nb alloy.

2. Materials and Experimental Section

The material investigated in this study is centrifugally cast HP40Nb alloy. The outer
diameter and wall thickness are 126 and 13 mm, respectively. The chemical composition of
the as-cast HP40Nb alloy was measured using an optical emission spectrometer (OES) and
is shown in Table 1. Long-term thermal exposure experiments on the as-cast alloy samples
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were conducted at 990 ◦C with different aging periods (500, 2000, and 4000 h) to model
the microstructural evolution in long-term service exposure. The relationship between
aging time and operating time according to the Larson Miller equation is illustrated in
Table 2 [32]. To study the weldability and damage evolution of the upper reformer tube at
900 ◦C after local repairment, an aged tube (990 ◦C, 2000 h) corresponding to the service
tube for 1.2 × 105 h at 900 ◦C was selected to be welded to the original tube by Gas Tungsten
Arc Welding (GTAW) using a TIG 35CW filler metal. The lengths of the reformer tubes
used for welding were both 150 mm. The chemical composition of the filler metal is also
present in Table 1. A V-joint groove with a 30◦ half-angle and a root opening of 2 mm
were used. The welding current and voltage were 130 A and 10–18 V, respectively. The
welding speed was about 9 cm/min. Therefore, the maximum heat input was calculated
as 1.56 kJ/mm. Argon with 99.9% purity was used as a shielding and backing gas with a
14 L/min flow. The preheating temperature and the maximum interpass temperature were
both 150 ◦C. Six filling passes were applied to fill the seam. Dye penetration inspection
and radiographic testing were carried out in sequence after covering welding. The results
suggested that macro-cracks and other welding defects were absent in the fresh-to-aged
welded joint. Therefore, further microstructural characterization and mechanical tests can
be implemented to assess the weldability of fresh-to-aged reformer tubes.

Table 1. Chemical composition of base metal and filler metal (wt %).

Material C Ni Cr Nb Si Mn P S Fe

HP40Nb
TIG 35CW

0.45
0.41

34.13
34.95

25.47
25.12

0.70
1.28

1.35
1.49

1.03
1.30

0.029
0.025

0.008
0.006

Bal.
Bal.

Table 2. Aging time versus operating time of HP40Nb alloy.

Temperature/◦C 900 910 920 930 940 950 990

Time/h
3 × 104

1.2 × 105

2.5 × 105

1.5 × 104

8 × 104

1.5 × 105

1 × 104

5 × 104

1 × 105

6000
3 × 104

6 × 104

4000
2 × 104

4 × 104

3000
1.2 × 104

2.4 × 104

500
2000
4000

To identify the precipitates in the as-cast and aged alloys, the precipitates were ex-
tracted from the matrix using Berzelius solution [33]. The extracted residues were identified
using a Rigaku Smartlab diffractometer at 40 kV and 30 mA from 30◦ to 60◦ with a step
size of 0.02◦. The microstructural morphology of samples with various aging times was
observed by Zeiss AXIO Imager A1m optical microscopy (OM) (Oberkochen, Germany)
and Zeiss Ultra 55 field emission–scanning electron microscopy (FE-SEM) (Oberkochen,
Germany). Element chemical analysis was conducted using an energy-dispersive spectrom-
eter (EDS). The microstructures and microdefects of the fresh-to-aged welded joint were
also detected using OM. The specimens for OM observation and FE-SEM examination were
prepared by standard metallographic methods, such as cutting, grinding, and polishing,
and then the samples were tested after electrolytic etching at 0.5 A for 4 s using saturated
oxalic acid solution.

The tensile properties of the as-cast alloy, aged alloy (990 ◦C, 2000 h), and fresh-to-aged
welded joint were determined by tensile tests at room and elevated (950 ◦C) temperatures.
The tensile tests at room and elevated temperatures were conducted according to the
Chinese standards GB/T 228.1-2010 and GB/T 228.2-2015, respectively, performed on a
Hydraulic Servo 4830 instrument (Kyoto, Japan) equipped with a 100 KN load cell and a
multifunctional Hydraulic Servo MTS Landmark 370.10 machine (Minneapolis, MI, USA),
respectively. Monotonic creep tests of the as-cast alloy, aged alloy, and fresh-to-aged welded
joint were conducted on a mechanical CTM304 creep-testing machine (Shenzhen, China)
in a wide range of stresses at 950 ◦C, and creep tests were conducted according to the
standard GB/T 2039-2012. The specimens for tensile and creep tests were taken from the
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middle of the furnace tube. The configuration and dimensions of the specimen for creep
tests are shown in Figure 1.

Figure 1. Configuration and dimensions of the specimen for constant-load creep tests (Units: mm).

3. Experimental Results and Discussion

3.1. Precipitate Identification

XRD patterns of the extracted powder of the as-cast and aged HP40Nb alloy samples
are shown in Figure 2. In the as-cast condition, the main precipitates of the alloy were
niobium carbide (NbC) and chromium-rich carbides (M7C3 and M23C6). Niobium first
combines with carbon, forming NbC at higher temperature during solidification [11]. The
atomic ratio of Nb to C acts as the driving force for the formation of NbC. A higher value
of the atomic ratio leads to the greater driving force for forming NbC. The value (0.20)
of the ratio lower than 0.5 in HP40Nb alloy is insufficient for Nb to combine with all the
free carbon to form NbC [34]. As a result, chromium attracts the free carbon left in the
matrix to form chromium carbides at lower temperature during solidification. Due to the
high cooling rate, M7C3 carbide cannot transform into M23C6 carbide completely. Hence,
M7C3 and M23C6 carbides coexist in the as-cast alloy. Compared with fresh material, the
diffraction intensity of the M7C3 peaks was not seen on the X-ray spectrum in the aging
state, which indicates that M7C3 carbide transforms to M23C6 carbide after long-term
exposure. Moreover, the NbC peaks that still existed on the X-ray spectrum and in other
phases, such as the G phase, were not detected in the aged alloy.

Figure 2. Representative XRD patterns of extracted residues in as-cast HP40Nb alloy and the
specimens after aging at 990 ◦C.
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3.2. Microstructural Characterization

Figure 3 presents the OM images of as-cast HP40Nb alloy and the specimens with
various aging times at 990 ◦C. The original microstructures are composed of an austenite
matrix with skeletal-shaped primary eutectic carbides, as can be seen in Figure 3a. During
the aging process, although the austenite matrix remains, microstructural evolution occurs
concerning the type, morphology, and distribution of the precipitates. Compared with
the microstructure in the initial state, secondary carbides nucleate within the austenite
matrix after aging for 500 h, as depicted in Figure 3b. The interdendritic phases were
dominated by a skeletal-shaped structure, while worm-like and blocky structures were
also observed. With an increase in aging time, the number of secondary carbides within the
austenitic matrix declined gradually, which suggests that the secondary carbides dissolve
into the matrix during the long-term aging process. The interdendritic precipitates coarsen
continuously and change into the blocky structure. When the aging time increased to 4000 h,
the skeletal-shaped precipitates were almost replaced by blocky and spherical structures.

Figure 3. Typical optical microscopy images of (a) as-cast HP40Nb alloy and the specimens after
aging at 990 ◦C for (b) 500, (c) 2000, and (d) 4000 h.

To investigate the types, morphology, distribution, and size of the intra- and interden-
dritic precipitates in HP40Nb alloy before and after thermal exposure, SEM observations
were conducted in back-scattered electron (BSE) mode. Figure 4 exhibits the SEM mi-
crographs of as-cast HP40Nb alloy and the samples after aging treatment at 990 ◦C. As
illustrated in Figure 4a, two types of carbides were detected in the interdendritic region
for the fresh material, which exhibit dark and bright contrast. Elemental chemical analysis
using SEM elemental mapping technique indicated that the dark precipitate has a high
chromium content, while the bright phase is highly rich in niobium, as seen in Figure 5. As
analyzed above in Figure 2, the Cr-rich phases are regarded as M23C6 and M7C3 carbides,
while the Nb-rich precipitate is deemed as NbC.
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Figure 4. Typical back-scattered electron (BSE)–SEM images of (a) as-cast HP40Nb alloy and the
samples after aging at 990 ◦C for (b) 500, (c) 2000, and (d) 4000 h.

Figure 5. Precipitations of as-cast HP40Nb alloy detected using SEM elemental mapping: (a) SEM
image, (b) Cr, (c) Fe, (d) Ni, (e) Nb and (f) Si elements.
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For the aging samples, the interdendritic phases coarsened with continuous aging
treatments, as can be seen in Figure 4b–d. The dark Cr-rich phase and bright Nb-rich
carbide still existed in the interdendritic region, taking the aging specimen for 2000 h as
an instance exhibited in Figure 6. According to the XRD patterns, the Cr-rich and Nb-rich
phases are regarded as M23C6 carbide and NbC, respectively. It is noteworthy that M7C3
carbide is unstable and is prone to transform into M23C6 carbide at elevated temperature.
Therefore, the Cr-rich phase is known as M23C6 carbide for the aging specimen. In various
papers describing heat-resistant Fe-Cr-Ni alloys, the transformation from NbC into niobium
nickel silicide (Ni16Nb6Si7), identified as the G phase [35,36], occurs in the temperature
range from 700 to 1000 ◦C [16,37]. However, the G phase was absent in the post-aged alloy
at 990 ◦C in our study, as illustrated in Figures 2 and 6. The explanation for this discrepancy
is the lower silicon content of HP40Nb alloy in this research. A higher silicon concentration
contributes to the formation of the G phase. In addition, it can be observed from the SEM
image that large amounts of secondary carbides precipitate within the austenite matrix
after aging for 500 h. With continuous exposure, a gradual reduction in the number and
density of secondary carbides occurs within the austenite matrix. SEM elemental mapping
analysis showed that the precipitates are highly rich in chromium, as depicted in Figure 6c.
This result indicates that the precipitated particles within the austenite matrix are M23C6
carbides. Due to the high cooling rate, carbon is supersaturated in the matrix for fresh alloy.
When exposed to the aging condition, the supersaturated carbon tends to combine with
chromium to precipitate dispersed M23C6 carbides in the matrix [34,38]. Nevertheless, the
fine secondary M23C6 carbides are likely to dissolve and coalesce into larger carbides in
order to reduce the surface energy [34], which leads to the reduction in secondary carbides
with further thermal exposure. Meanwhile, the carbon in the interdendritic areas is inclined
to combine with chromium to form M23C6 carbide. The formation of the carbide reduces the
concentration of carbon in the interdendritic regions and creates a concentration gradient
between the dendritic interface and the austenite matrix, which drives carbon to diffuse
from the matrix into the interdendritic areas at elevated temperature. Owing to the carbon
diffusion, the interdendritic carbides coalesce and coarsen with further aging treatment.

The optical microscopy images of the fresh-to-aged welded joint are illustrated in
Figure 7, in which the welded joint is composed of a weld metal (WM) and a base metal
(BM) as well as a fusion zone. However, the heat-affected zone (HAZ) was not apparent in
our study. The fine grains in the weld metal grow perpendicular to the fusion zone. This is
attributed to the direction with the fastest heat dissipation. Due to the different temperature
gradients and cooling rates at various welding layers, the structures of the weld metal have
a diverse morphology, including columnar and cellular structures. Moreover, continuous
network carbides are located in the interdendritic region, and no secondary carbides
are dispersed within the austenite matrix for the weld metal. As analyzed above, the
morphology of interdendritic carbides of the fresh alloy (BM) is seen as a skeletal-shaped
structure, while blocky interdendritic carbides and dispersed secondary carbides were
observed in the aged alloy (BM) on account of the microstructural degradation after aging
treatment for 2000 h. The carbides are partially and fully melted in the fusion zone, and the
content of carbides in the fusion zone is greater compared to the base metal. The carbides
of the fusion zone on the fresh side are mainly seen as spherical particles, while the ones
on the aged side are seen as a skeletal-shaped and worm-like structure, as can be seen
in Figure 8. The distinct morphology of carbides in the fusion zone is also attributed to
the diversities in the heating temperature and cooling rate in the welding process. The
carbides reacted with the surrounding austenite matrix in the heating cycle and melted at
temperatures lower than the melting points of the matrix and the carbide. Afterward, these
phases resolidified to the eutectic carbides in the cooling cycle. This phenomenon can be
called constitutional liquation [20]. Furthermore, microcracks and other microdefects were
absent in the fresh-to-aged welded joint in our investigation, which suggests the superior
welding quality of fresh-to-aged reformer tubes.
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Figure 6. Precipitations in the sample after aging at 990 ◦C for 2000 h detected using SEM elemental
mapping: (a) SEM image, (b) Cr, (c) Fe, (d) Ni, (e) Nb and (f) Si elements.

Figure 7. Optical microscopy images of the fresh-to-aged welded joint: (a) fresh alloy/weld metal
and (b) aged alloy/weld metal.

3.3. Tensile Properties

Figure 9 presents the representative tensile stress–strain plots of the as-cast alloy, aged
alloy (990 ◦C, 2000 h), and fresh-to-aged welded joint at room and elevated temperatures.
The tensile properties of these samples are also listed in Table 3. The yield strengths of
the fresh-to-aged welded joint at room and elevated temperatures were greater than those
of fresh and aged alloys. The ultimate tensile strength of the welded joint was also the
highest among these specimens at elevated temperature, while the ultimate tensile strength
of the welded joint was almost the same compared with as-cast and aged alloys at room
temperature. Overall, the tensile strengths of the fresh-to-aged welded joint were close to
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the as-cast alloy. Meanwhile, the ultimate tensile strength of the aged alloy was slightly
lower than that of the as-cast alloy. The results suggest that microstructural deterioration
reduces the tensile strengths limitedly and that the continuous network carbides of the
weld metal may contribute to the enhancement of tensile strengths. The elongation of
the fresh alloy at room temperature was apparently higher compared with the other two
specimens, indicating that coarsening carbides contribute to the reduction in plasticity. It is
noteworthy that the elongation of the aged alloy was slightly greater than 4%. In general,
an elongation higher than the minimum value of 4% at room temperature is considered
by industrial guidelines to avoid welding cold-cracking [14,22]. Therefore, the heating
and cooling rates are supposed to be slowed down during the welding process to prevent
cold-cracking. Furthermore, the elongations of the specimens at elevated temperature were
much larger than those at room temperature, which shows the higher ductility at higher
temperature for HP40Nb alloy.

Figure 8. Optical microscopy images of melted carbides in the fusion zone for (a) as-cast alloy and
(b) aged alloy.

Figure 9. Typical stress–strain plots of the as-cast alloy, aged alloy, and fresh-to-aged welded joint at
(a) room temperature and (b) elevated temperature (950 ◦C).

Table 3. Tensile properties of the as-cast HP40Nb alloy, aged alloy, and fresh-to-aged welded joint.

Temperature
(◦C)

Condition
Yield Strength

(MPa)
Ultimate Tensile
Strength (MPa)

Elongation (%)

20
As-cast alloy 248.35 500.46 26.67

Aged alloy 258.39 490.69 4.17

Welded joint 369.32 496.97 2.50

950
As-cast alloy 87.12 108.34 36.55

Aged alloy 68.44 102.42 43.37

Welded joint 92.17 119.29 21.05
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In summary, the feasibility of welding an as-cast reformer tube to an aged tube for
2000 h can be verified in view of the absence of microdefects in the fresh-to-aged welded
joint and the high tensile strengths of the welded joint at room and elevated temperatures.
However, the heating and cooling rates in the welding process are supposed to be slowed
down to avoid cold-cracking.

3.4. Creep Properties

Figure 10 exhibits the creep curves at various stress levels at 950 ◦C for the as-cast and
aged alloys, along with the fresh-to-aged welded joint. The stress dependence of rupture
time and the minimum creep strain rate is indicated in Figure 11. In general, similar creep
deformation behaviors were obtained in these samples. They all exhibited well-defined
primary, secondary, and tertiary creep stages under various creep conditions, while the
rapid accumulation of strain in the tertiary creep stage prior to fracture was much larger
than that in primary and secondary stages. In addition, the rupture time declined and the
fracture strain increased with the growth of creep stress. Owing to the microstructural
degradation after long-term thermal exposure, the rupture time of the aged alloy and the
fresh-to-aged welded joint was obviously lower compared to the as-cast alloy at the same
stress level. Nevertheless, the fracture strain of the fresh material was the lowest among
these specimens, which may result from the softening of the aged microstructure during
creep exposure. Furthermore, the fracture surfaces of the welded joint were located in the
aged alloy, which originated from the coarsening carbides in the intra- and interdendritic
regions after aging treatment. Stress dependence of rupture time and the minimum creep
strain rate was linear in double-logarithmic plots, and the minimum creep strain rate values
increased with the growth of stress levels. The minimum creep strain rates of the aged
alloy and the fresh-to-aged welded joint were larger compared with the fresh alloy, which
is attributed to the microstructural deterioration after long-term thermal exposure, as seen
in Figure 11b.

Figure 10. Standard creep time–strain curves of (a) as-cast alloy, (b) aged alloy, and (c) fresh-to-aged
welded joint at 950 ◦C.
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Figure 11. Stress dependence of (a) rupture time and (b) minimum creep strain rate at 950 ◦C for the
as-cast alloy, aged alloy, and fresh-to-aged welded joint.

4. Numerical Simulation

In our investigation, the empirically based, modified Kachanov–Rabotnov model
considering the heterogeneity of creep damage was used to analyze the creep damage
evolution of the fresh-to-aged welded joint and can be expressed in multi-axial form as
follows [26]:

dεc
ij

dt
=

3
2

Bσn−1
e Sij

[
(1 − ρ) +

ρ

(1 − D)n

]
, (1)

dD
dt

= gA
[ασ1 + (1 − α)σe]

υ

(1 + ϕ)(1 − D)ϕ , (2)

Dcr = 1 − (1 − g)
1

ϕ+1 , (3)

where εij, Sij, σe, and σ1 are multi-axial strain components, deviatoric stress components, the
von Mises equivalent stress, and the maximum principal stress, respectively. α represents
the effect of the multi-axial stress state behavior of the material. D and Dcr are the damage
variable and the critical damage, respectively. B, n, A, and υ are material constants, which
can be determined according to the stress dependence of the minimum creep strain rate
and rupture time, as shown in Figure 11. In addition, g and ρ are constants accounting for
the inhomogeneity of the material damage and ϕ is the damage parameter, all of which can
be obtained by the optimization algorithm based on the Newton iteration. The material
constants in the creep constitutive equations for the as-cast and aged alloys are summarized
in Table 4. The parameters of the weld metal are considered to be consistent with those of
the as-cast alloy for simplicity in view of the similar chemical compositions. According to
Equation (3), the value of critical damage for HP40Nb alloy can be calculated and is shown
in Table 4. The critical damage of the fresh-to-aged welded joint corresponds to that of the
aged alloy on account of the higher damage level in the aged alloy.

Table 4. Material constants in the damage constitutive equations for HP40Nb alloy at 950 ◦C.

Material B n A υ g ρ ϕ α Dcr

As-cast alloy
Aged alloy

8.18 × 10−20

1.75 × 10−22
9.22

11.91
2.14 × 10−15

8.24 × 10−15
7.65
7.62

0.92
0.88

0.18
0.06

2.9
3.8

0.25
0.25

0.477
0.357

Considering the dimensional feature and loading profile of the fresh-to-aged welded
joint, a 2D axisymmetric model composed of a weld metal and a base metal (as-cast tube
and aged tube) was used, as shown in Figure 12. The length and thickness of the fresh-to-
aged welded joint were 50 and 13 mm, respectively. The as-cast tube and the aged tube
were located in the upper and lower parts, respectively. The element type was CAX4. The
number of nodes and elements was 4132 and 4011, respectively. The boundary conditions
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of the top and bottom sides were both Y = 0. The applied internal pressure was 3.5 MPa.
User subroutines programmed with FORTRAN for the finite element ABAQUS code were
used to investigate the stress distribution and damage evolution.

Figure 12. FE model and element division of the welded joint.

Figure 13 shows the Mises stress distribution of the fresh-to-aged welded joint during
creep exposure. The peak Mises stress was situated on the inner surface of the welded
joint, and the stress descended toward the outer surface before creep. Stress redistribution
occurred during the creep process. The value of the peak Mises stress reduced to 14.98 MPa,
and the position of the peak Mises stress shifted to the interface of the weld metal and
the aged tube when the creep time increased to 1 × 104 h. In addition, the Mises stress in
the aged tube was lower compared to that in the as-cast tube. With further exposure, the
peak Mises stress increased to 15.27 MPa and then remained constant. The Mises stress
evolution of the fresh-to-aged welded joint turned insignificant after creep for 1 × 105 h.
The contour of the damage distribution for the fresh-to-aged welded joint is also exhibited
in Figure 14. The damage value rose continuously with service exposure, and the location
of peak damage changed gradually. The maximum damage was located on the inner
surface of the aged tube at 1 × 104 h, with the value of 1.86%. With further exposure, the
position of the peak damage shifted to the region adjacent to the outer wall at 5 × 104 h
and the damage value increased to 9.179%. The peak damage reached 34.01% in the outer
wall of the aged tube when the creep time increased to 1.5 × 105 h, while the highest
damage was about 20.82% in the weld metal and the as-cast tube. In other words, the peak
damage lies in the aged reformer tube during the creep process, which suggests that the
microstructural degradation results in more serious damage evolution in the aged tube.
However, the welding residual stress and the complex microstructures of the fresh-to-aged
welded joint were not considered in numerical simulation. Meanwhile, void nucleation
and growth occur in sequence for the service reformer tube, while the voids were absent in
the aged alloy. Actually, the chemical composition of the filler metal differs from that of the
fresh alloy. As mentioned above, the HAZ is not significant and the boundary between base
metal and weld metal is mainly composed of a fusion zone. The parameters of the filler
metal and the fusion zone were both unavailable. For simplicity, the material parameters of
the filler metal corresponded to the as-cast alloy and the parameters in the fusion zone were
ignored in this study. Therefore, the prediction of damage evolution for the fresh-to-aged
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welded joint is comparatively conservative in the finite simulation, and the stress and
damage distribution are not continuous at the conjunction of the weld metal and the aged
tube (BM).

Figure 13. Mises stress distribution of the fresh-to-aged welded joint at (a) 0, (b) 1 × 104, (c) 1 × 105, and (d) 1.5 × 105 h.

Figure 14. Damage distribution of the fresh-to-aged welded joint at (a) 1 × 104, (b) 5 × 104, (c) 1 × 105, and (d) 1.5 × 105 h.

5. Conclusions

The weldability of fresh-to-aged reformer furnace tubes was investigated based on
microstructural characterization and tensile tests. Damage evaluations of a fresh-to-aged
welded joint were carried out using the modified Kachanov–Rabotnov model. The main
conclusions are as follows:

(1) The interdendritic M7C3 carbide transformed into M23C6 carbide after aging
treatment at 990 ◦C, and interdendritic M23C6 carbide and NbC coarsened gradually with
continuous exposure. Moreover, the number of precipitated M23C6 secondary carbides
reduced by degrees.

(2) Micro-defects were absent in the fresh-to-aged welded joint, and the tensile strength
of the welded joint was greater compared with the as-cast and aged alloys, which demon-
strates the weldability of fresh-to-aged reformer tubes. Nevertheless, the heating and cool-
ing rates in the welding process are supposed to be slowed down to inhibit cold-cracking.
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(3) The creep rupture time of the as-cast alloy was greater compared with the aged
alloy and the fresh-to-aged welded joint, while the fracture strain and the minimum creep
strain rate were the lowest among the creep specimens.

(4) The stress and damage distributions in the fresh-to-aged welded joint changed
continuously during the creep process. The highest Mises stress shifted to the interface of
the weld metal and the aged tube with further exposure, while the predicted peak damage
of the welded joint reached 34.01% in the outer wall of the aged tube at 1.5 × 105 h.
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Abstract: In recent years, many efforts have been devoted to the development of innovative Al-
based casting alloys with improved high temperature strength. Research is often oriented to the
investigation of the effects of minor element additions to widely diffused casting alloys. The present
study focuses on Al-7Si-0.4Mg (A356) alloy with small additions of Er and Zr. Following previous
scientific works on the optimization of heat treatment and on tensile strength, creep tests were carried
out at 300 ◦C under applied stress of 30 MPa, a reference condition for creep characterization of
innovative high-temperature Al alloys. The alloys containing both Er and Zr displayed a lower
minimum creep strain rate and a longer time to rupture. Fractographic and microstructural analyses
on crept and aged specimens were performed to understand the role played by eutectic silicon, by
the coarse intermetallics and by α-Al matrix ductility. The creep behavior in tension of the three
alloys has been discussed by comparing them to tension and compression creep curves available in
the literature for Al-7Si-0.4Mg improved by minor elemental additions.

Keywords: Al-7Si-0.4Mg (A356 alloy); erbium; zirconium; creep; microstructural stability

1. Introduction

A356 (Al-7Si-0.4Mg) is a casting alloy widely applied in automotive and aeronautical
fields, as referred by Mishra et al. [1] and Jeong et al. [2], among others. The casting
alloy is age-hardenable, and, thus, its mechanical properties depend on the combination
of several microstructural features, from macroscopic and microscopic ones (including
dendrite arm spacing, grain size, coarse equilibrium or non-equilibrium intermetallic
phases, porosities and other possible discontinuities related to casting processes) down
to the presence of nanometric precipitates with noticeable strengthening effect [3,4]. The
alloy is classically solution heat treated (SHT) at about 540 ◦C [4] with multiple effects of
homogenizing the alloy compositions, reducing the amount of coarse embrittling phases,
bringing precipitates in solid solution and concurrently modifying silicon morphology.
An artificial aging at temperatures 155–200 ◦C follows [3], during which the β-Mg2Si
precipitation sequence evolves similarly to what observed in wrought Al-Mg-Si alloys,
where also the Si or U2-Mg-Al-Si phase can be observed substituting β” in alloys with high
Si content [5,6].

The high temperature behavior of the Al-Si-Mg age-hardenable casting alloys is strictly
connected to overaging processes, related to the instability and fast growth of strengthening
particles of the abovementioned precipitation sequence. Several minor elemental additions
have been proposed during the years to improve mechanical properties at high temperature
and/or mechanical stability of the A356 alloy [2,7–13]. The adopted criteria were analogous
to those used for other casting Al alloys, but also for wrought ones. As an example, the
addition of small amount of copper, besides a minor refining effect, favors the concurrence
of β and of the Q precipitation sequences, this latter characterized by slower coarsening
kinetics [2,7]. Nevertheless, the requests of high-temperature stability cannot be met adding
this element only. During the years, modified A356 alloys with minor additions of Mo [8],
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V [9], Ho [10], Zr [11], Sc [12], Er [13], Ce [14] and Nb [15] have been proposed with
improved aging resistance and high temperature strength. In many cases, the criteria
proposed by Knipling et al. [16] were applied, exploiting the formation of relatively high
volumes of secondary trialuminides phases (Al3M), specifically the ones characterized by
the most favorable L12 structure such as those where M corresponds to Sc or to the rare
earths Er, Yb and Tm [7]. Additionally, Al3M with less favorable D022 and D023 structures
(such as for Ti, V, Zr, Mo, Hf and Ta) can be considered since their low diffusivity leads
to slow coarsening rates (such as for Mo, Mn and Cr [17–19]). A different and favorable
situation can in any case be observed for Zr: its additions, for example can lead to the
precipitation of L12 metastable intragranular particles [16] (in addition to the D023 coarse
intragranular intermetallics). During high temperature exposure, the fine L12 particles
display a slow coarsening, due to low Zr diffusivity, until they eventually transform into
the stable phase.

In wrought alloys [20–25], the combination of Zr with Sc or its partial replacement
by Er have proved to be beneficial for the high-temperature strength and microstructural
stability of Al alloys, since the segregation of Zr at the particle/matrix interface reduces
the particle coarsening rate until the stable LI2 structure is kept [20,22]. The role played by
minor additions of silicon to enhance particle nucleation has also been observed for these
alloys [26].

The combined addition of Sc, Er and Zr was also proposed in literature to improve
the structural properties of Al-Si casting alloys [13,26–28], typically heat treated in a
conventional way (SHT + aging). Complementary effects were reported for these minor
additions: Zr acts as grain refiner and inoculant [11,29,30] while Er, together with Sc and
other rare-earth elements, have modifying effects on eutectic Si, similarly to the widely
diffused but more volatile Sr [31–33].

The high temperature behavior of Al heat-treatable casting alloys has been generally
evaluated by means of tensile tests at high temperature [17–19,26] and/or by means of
hardness evolutions at different aging times. Additionally, creep tests, where the mate-
rial deforms under constant stress at constant temperature, and thus in a progressively
overaging material, have been considered in some cases [34–36]. Even if a proper creep
characterization should require tests at different temperatures and applied stresses, the
potentialities offered by minor alloying additions on the high temperature behavior of Al-Si
alloys has been typically evaluated at 300 ◦C in order to show the suitability of innovative
Al-Si-Mg-based alloys with improved high temperature strength for automotive, and more
in general for industrial components for which the service temperature is continuously or
cyclically close to it [34,37–40]. Further, specific stress levels have been considered from sev-
eral authors [41–43]. Due to the significant role played by microscopic and submicroscopic
features, a meaningful comparison with literature data is not easy and, thus, the effect
of compositional or microstructural changes is typically evaluated by the same authors
within the same or related research works [36,41,44].

The authors of the present paper have previously investigated the beneficial effect of
Er addition to A356 casting alloy on its microstructure and identified 0.3 wt% Er as the
content offering the best compromise between tensile strength and ductility at room and
high temperature [45]. Similarly, an additional 0.5 wt% Zr led to a further improvement
of tensile strength [30]. The present article focuses on the tensile creep behavior at 300 ◦C
of the two abovementioned optimized alloys, comparing them to those of the reference
A356 alloy.

2. Materials and Methods

A standard Al-7Si-0.4Mg (A356) alloy, whose chemical analysis is given in Table 1,
was used as a reference alloy for the present research study. Different amounts of Al-15
mass%Er and Al-10 mass%Zr master alloys were added to the reference alloy, to obtain
nominally A356 + 0.3Er and A356 + 0.3%Er + 0.5%Zr (% in mass). The alloys will be
hereafter referred as A356, E3 and EZ35, respectively. The master and reference alloys
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were melted under Ar atmosphere in an induction furnace at 800 ◦C, where they were
kept and stirred for 30 min. The alloys were poured in a permanent steel mold, preheated
to 200 ◦C. Cylinders with 40 mm diameter and 120 mm in height were obtained. The
chemical compositions of the three alloys measured by glow discharge optical emission
spectroscopy (GDOES) are shown in Table 1. They are close to those of ingots with the
same nominal composition that were used for heat treatments optimization and tensile
characterization [30,45,46].

Table 1. Chemical composition (mass%) of the studied alloys.

Si Mg Fe Ti Er Zr Al

A356 7.02 0.41 0.07 0.14 - bal

E3 7.40 0.34 0.10 0.12 0.29 - bal

EZ35 6.66 0.37 0.11 0.12 0.31 0.49 bal

Bars of about 12 × 12 × 100 mm3 size were sampled from the mid-low part of each
cylinder. Each one was solution heat treated (SHT) at 540 ◦C for 5 h, quenched in water at
room temperature and immediately aged at 200 ◦C in order to reach the peak-aged (PA)
condition. Ageing time was about 2 h for the EZ35 alloy and 3 h for the others [30,45].
Cylindrical specimens for creep tests were machined from these bars. The specimens were
characterized by threaded ends and collars for extensometer attachment at the ends of
the cylindrical gauge length. This latter was 30 mm long, with a diameter of 6 mm. The
specimen geometry was compatible with ISO standards for both high-temperature tension
tests [47] and creep tests [48].

Creep test in tension were performed at 300 ◦C on samples in the PA condition.
Tests were carried out in air, in a lever-arm machine with lever ratio 25:1 (AMSLER,
Sciaffusa, Switzerland). The tests have been carried out at initial stress (σo) of 30 MPa. The
temperature and stress conditions were selected in order to compare results with those
available for other improved Al-Si based casting alloys proposed in the literature [37,40].
During each creep tests, the specimen elongation was monitored with a diametral telescopic
extensometer, to which a couple of LVDT (Solartron Metrology, Leicester, UK) were attached
in order to supply the average displacement of the specimen gauge length and, from it,
the material strain within the specimen gauge length. From each creep test where final
fracture was reached, time to rupture, elongation at rupture and reduction of area at rupture
were measured and minimum strain rate (dε/dt) was calculated from each creep curve
(engineering strain (ε) vs. time (t)). For further analysis and comparisons with literature
data, the true strain (e = ln(1 + ε)), true stress (σt = σo × (1 + ε)) and true strain rates (de/dt
= (dε/dt)/(1 + ε)) were calculated under the assumption of constant volume and uniform
strain along the gauge length.

In order to correlate the fracture mode to microstructural features of the alloys, SEM
(FEG-SEM, Zeiss Sigma 500, Jena, Germany) fractographic analyses were carried out on
the fracture surface, on longitudinal sections of crept specimens. In the latter case, SEM
observations were combined to optical ones (Nikon Eclipse LVision NL, Tokyo, Japan) for
better identification of Si particles. In both cases, the specimen surface was prepared by
conventional metallographic polishing.

Lastly, a discoidal sample 2 mm thick and of about 12 mm diameter was cut from
the ingot for each alloy. These samples were SHT at 540 ◦C and then immediately aged at
300 ◦C for 100 h, corresponding to a time shorter than that of the onset of creep damage
in the creep test of shorter duration. SEM observations and intermetallic compositional
EDS analyses were performed on them. Quantitative analysis of the area fraction of coarse
intermetallic compounds was conducted with ImageJ software in the Fiji distribution [49].
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3. Results

3.1. Alloy Microstructure

The microstructural features and aging behavior of the three alloys in the T6 condition
will be here summarized anticipating both creep test and fractographic analyses results. The
authors of the present paper have presented and discussed them in detail elsewhere [46].

The casting alloys are characterized by the dendritic grain size of 1462 ± 350 μm
for A356 alloy, 1157 ± 186 μm for E3 alloy and 383 ± 98 μm for the Zr-containing alloy.
Additionally, the secondary dendrite arm spacing decreased from 31.5 μm for A356 to
24.1 μm and 18.2 for E3 and EZ35, respectively. In PA conditions, the α-Al phase at the
dendritic core is flanked by Si particles and by coarse phase containing Er and Zr in the
modified alloys and also combinations of Fe, Cu and Mg and minor alloying additions in
the reference alloy. In as-cast conditions, the eutectic Si length was longer and with higher
aspect ratio for A356 (about 27 μm and 10.8, respectively), but shows a rapid decrease
of both morphology parameters within the first dozen of minutes at 540 ◦C, reaching
respectively 9.2 μm and 4.2 after 5 h at 540 ◦C. On the other hand, E3 and EZ35 form
coral-like eutectic Si structures, resulting in shorter and lower aspect ratio Si particles in
metallographic sections (of the order of 4 μm and 1.65, respectively) [46]. The 5 h SHT only
slightly increased the average eutectic Si particle length, while decreasing the aspect ratio
to about 1.35 for both alloys. Thus, the morphology of Si in these alloys was more related
to the as-cast microstructure than to further exposure at high temperature. Further, the area
fractions of coarse intermetallic phases for the A356, E3 and EZ35 alloys, which were 0.5,
0.9 and 1.3 vol% in as-cast alloys, after 5 h SHT reduced to 0.3, 0.6 and 1.1 vol% [46]. The
Mg-containing π-Al8Mg3FeSi6 Chinese script and Mg2Si phases show the most significant
changes during the 5 h SHT. Contrarily to the other alloys, part of the coarse intermetallics
in the EZ35 alloy are located in intradendritic regions and those in interdendritic regions
are of complex shape and composition.

Alpha phase strengthening in A356, E3 and EZ35 alloys, due to the presence of
nanometric precipitates of Al3Er, Al3Zr and Al3(Zr,Er) is discussed in [50]. After solution
heat treatment the peak hardness obtained by overaging at 200 ◦C reached about 97, 109 and
133 HV for A356, E3 and EZ35 alloys, respectively, in all cases with the maximum standard
deviation close to 4 HV. Close hardness values are expected for the creep specimens, tested
after performing the same solution treatment and aging.

3.2. Creep Tests at 300 ◦C

Creep tests at 300 ◦C, carried out at the same stress level of 30 MPa, led to the creep
curves (strain vs. time plot) shown in Figure 1a. While the alloy with only Er addition
displayed slightly lower times to rupture with respect to the reference A356 alloy, the one
containing both Er and Zr clearly shows a longer test duration. The alternative arrangement
of creep test results in terms of minimum strain rate plotted vs. time in Figure 1b better
highlights differences in the initial transient stage, in the value of the minimum creep
strain rate and in its increase. During the initial loading stage and during the primary
stage transient, the alloys with greater addition of Er and Zr display less overall strain and
lower strain rates and lower minimum creep rates. The minimum strain rate was slightly
higher for the reference alloy rather than for the Er-modified alloy (0.0142 and 0.0129%/h,
respectively). On the other hand, EZ35 alloy was clearly the one displaying the higher
creep resistance under the testing conditions, since its minimum creep rate decreased to
0.0071%/h, that is about one half of those of the A356 and E3 alloy.

Figure 1b further shows that the time and strain range characterized by the minimum
creep strain rate was limited. Rather, after reaching the minimum value, the strain rate
gradually increased for the three alloys, up to a time closer to the final fracture. Despite
its relatively good creep resistance in terms of the minimum creep strain rate, the E3
alloy displays a relatively rapid increase of strain rate in Figure 1b compared to the
reference alloy.

68



Metals 2021, 11, 879

 
(a) (b) 

Figure 1. Results of creep tests carried out on the reference and modified alloys at 300 ◦C, 30 MPa. (a) Strain vs. time curves
and (b) creep strain rate vs. time.

Both ductility indexes show the same trend for the alloys. As matter of facts, the
strain at fracture was 9.93%, 13.54% and 11.68% for the A356, E3 and EZ35 alloy, while the
reductions of area were 2.68%, 22.97% and 8.72% for the alloys in the same order.

3.3. Fractographic Analyses

Representative results from fractographic analyses of crept specimens are given in
Figures 2–4. Figure 2a shows a low-magnification image of the fracture surface of A356
specimen. The big reliefs and depression on the specimen surface, also visible on the
contour of the fracture surface, were, at least partly, associated to decohesion along dendrite
grains, which were relatively large in this alloy. This agreed with the features observed on
the external surface of the A356 crept sample (Figure 3a) at a few millimeters distance from
the final fracture.

  
(a) (b) 

Figure 2. Fracture surface crept specimen in alloy A356 at low (a) and high (b) magnification, this latter taken with an
electron backscattered probe to reveal the presence of phases with high Z-contrast.

At a higher magnification scale (Figures 2b and 4), the fracture surfaces of the three
alloys were characterized by the presence of dimples, as a sign of the ductile behavior of
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the Al matrix, overaged after prolonged maintenance at 300 ◦C. In the A356 alloy dimples
mainly included Si particles (Figure 2b). In the modified alloys E3 and EZ35, dimples also
nucleated at Er- and/or Zr-rich coarse particles. These features can be clearly observed by
comparing Figure 4a,b, taken in the same region of specimen E3 with secondary electrons
and backscattered electrons (BSE), respectively. Due to their Z-contrast, Er containing
particles are the brightest in BSE fractographs and micrographs.

  
(a) (b) 

Figure 3. Lateral surface of crept specimen in alloy A356 (a) and EZ35 (b).

  
(a) (b) 

Figure 4. Higher magnification images of fracture surface of specimen E3 taken by secondary electron probe (a) or
backscattered electron probe (b), which clearly displays Er-containing phases, with higher Z-contrast.

Representative micrographs of longitudinal sections of the above specimens at the
optical microscope are shown in Figures 5 and 6. Specifically, Figure 5a, taken on alloy
A356, confirms that the fracture path generally follows the coarse dendritic grains of the
alloy, where the eutectic Si and α-Al phase are present. The higher magnification image
further shows that the creep fracture surface also follows interdendritic regions, which
are underlined by the presence of the grey eutectic Si phase. In this alloy, eutectic Si
particles have high aspect ratio (i.e., maximum to minimum length of the particle). In
correspondence to these Si particles, decohesions at the particle/matrix interface rather
than their fractures are observed.

The fracture path described above for the reference A356 alloy was essentially the
same observed on longitudinal sections of Er- and Zr-containing alloys, with the difference
that in them higher local strains at the final fracture were suggested by secondary cracks
that follow the same interdendritic path. In Figure 6, refers to alloy E3, the high strain at
fracture can be noticed in the low-magnification micrograph. In the same crept specimen,
some discontinuities between matrix and Er-containing coarse interdendritic particles were
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observed. The SEM-BSE micrograph in Figure 7 of the longitudinal section of E3 sample
further shows these as bright particles, with a simple, more or less elongated shape, which
tended to orient along the vertical, loading and strain direction (vertical in Figure 7). In the
modified alloys E3 and EZ35, the fracture path can also include some of the intergranular
porosities related to the casting process.

  
(a) (b) 

Figure 5. Optical micrographs of longitudinal sections of crept specimens A356 alloy at low (a) and high (b) magnification.

  
(a) (b) 

Figure 6. Metallographic features on the longitudinal section of the crept sample E3 in optical micrograph at low- (a) and
high-magnification (b) clearly displaying the eutectic regions, the material deformation in vertical direction and the presence
of discontinuities.

Even if macroscopic strains were noticed for the three alloys only close to the fracture
surface, the first signs of microstructural creep damage were observed a few millimeters
far from the final surface. This clearly appears on the outer surface of the crept specimens,
where the fracture mechanism leading to the formation of intergranular and interdendritic
fracture can be clearly observed from the presence of microcracks. Figure 3a,b depicts the
ones for the A356 and EZ35 alloy, respectively. While the change of crack orientations
corresponding to an interface between two dendritic grains can be observed on both alloys,
grain boundary sliding is suggested by the change of levels of the horizontal turning
lines only on the surface of EZ35, characterized by the finest dendritic grains (Figure 3b).
Due to the small sliding extension (some tenth of μm on grains displaying it compared
to the material grain size), the contribution of grain boundary sliding to the overall creep
elongation is limited also for this alloy.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 7. SEM BSE micrograph (a) and corresponding EDS map for the alloying elements (Al (b), Si (c), Er (d), Fe (e) and
Mg (f)) in the longitudinal section of E3 alloy close to its final fracture.

Figure 7 shows an EDS map of element distributions taken close to the fracture
surface of the E3 specimen. The combined analysis of Al and Si once again shows that
the preferred fracture path was localized along the interdendritic eutectic regions, where
Si was clearly well globularized. Er-containing particles can also be identified as the
bright particles in the BSE micrograph. The corresponding maps show that Er can be
found in elongated interdendritic particles (reasonably combined with Al). Er is also
partly combined with Mg or Fe in particles whose morphology suggests the progressive
dissolution of the coarse particles with complex composition and complex morphology.
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Lastly, at higher magnification some extremely fine, Er-containing particles appear at the
surface of eutectic silicon, at least partly related to the presence of Er in eutectic silicon in
the as cast structure [50].

3.4. Metallographic Analyses of Specimens Aged at 300 ◦C

The analysis of the microstructure of samples aged for 100 h at 300 ◦C was mainly
aimed at investigating the differences between the alloys in terms of coarse intermetallic
structure. Thus, BSE images of the samples were taken and the amount of coarse inter-
metallics, appearing as bright particles, was measured in terms of area fraction on images
(each one with an area equal to 0.196 mm2). The micrographs E3 and EZ35 alloy are
shown in Figure 8. The threshold of the counting method was set so that the counting
of eutectic particles, slightly visible in micrographs, was avoided. The area fraction of
coarse intermetallic phases in A356, E3 and EZ35 alloys resulted as 0.16%, 0.88% and 3.02%,
respectively. In A356 alloys the minor amount of intermetallics consists in Fe-containing
particles, while in E3 alloys the intermetallics are of a different type, characterized by the
combination of Er with Fe or Mg. These particles were generally located in interdendritic
regions (Figure 8a) and corresponded to those visible on crept specimen and shown in
Figure 7. The Er-containing intermetallics are observed also in the sample of the EZ35 alloy.
Clearly, in this latter alloy also Zr-containing particles were identified. Most of them were
elongated Zr-containing particles clearly visible in Figure 8b.

  
(a) (b) 

Figure 8. SEM BSE micrograph of E3 (a) and EZ35 (b) alloys after SHT for 5 h at 540 ◦C and aging for 100 h at 300 ◦C.

Figure 9 shows a representative element mapping for the EZ35 alloy after 100 h at
300 ◦C. Similar to what observed on the crept sample in the E3 alloy shown in Figure 7, Er
was distributed within different groups of particles. A first group of compact and bright
particles (corresponding to Spectrum 12 in element maps and to the chemical composition
in Table 2) includes Er, Al and possibly some Si (a eutectic silicon particle was very close
to the analyzed one). The other Er-containing sets of particles were characterized by the
concurrent presence of Fe or Mg, as clearly shown by elemental maps in Figure 9. The
morphology of some of these Fe- or Mg-containing particles was similar to that observed in
the E3 alloy in the metallographic sample (Figure 8b) and in the gauge length of the crept
specimen (Figures 7 and 9) and suggests that they could be the residuals of the particles with
complex composition and morphology observed also in the as-cast condition and partly
modified during the solution treatment [46]. Figure 9 also includes some Zr-containing
particle with the size of the order of one micron, some of which are also iron-containing.
Lastly, the most characteristic particles of secondary phases in the EZ35 alloy were the
elongated Zr-Ti-Al particles that can also be seen in Figure 9 (point 11 in maps, with EDS
analysis results given in Table 2). These particles, to which the presence of the fine-grain
structure of this alloy was attributed [46], clearly appeared in the micrograph taken at lower
magnification in Figure 8, where their general intragranular location can be appreciated.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

  
(g) (h) 

Figure 9. SEM BSE micrograph (a) and corresponding EDS map for the alloying elements (Al (b), Si (c), Er (d), Fe (e), Mg (f),
Zr (g) and Ti (h)) in a sample of EZ353 alloy hold for 100 h at 300 ◦C.
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Table 2. Chemical composition (at%) in points identified as 11 and 12 in maps of Figure 9.

Point# Al Si Ti V Fe Zr Er Total

11 75.58 8.19 4.57 0.09 0.47 10.68 0.43 100

12 72.63 11.87 - - - - 15.49 100

4. Discussion

The comparative creep tests performed at 300 ◦C under nominal stress of 30 MPa
suggested that the alloy with the combined addition of Er and Zr was more promising than
the other modified alloy, both in terms of an extended lifetime and of a lower minimum
creep strain rate.

The creep curves of the three alloys were compared to known literature creep curves
of the A356 alloy and of some alloys modified by the addition of elements (different
combinations of Cu, Zr, Mo and Mn), tested under the same temperature and stress, but in
tension or compression loading and with different initial temper condition [39,40,51,52].
While recently impression creep results have been reported for A356 with different Er and
Zr content [53], a direct comparison with them was prevented by the use of lower testing
temperature and by the use of impression creep, with no easy correlation between strain
rate and applied stresses, these latter reported to be in considerably higher range.

In the case of symmetrical creep behavior, the compressive and tensile creep curves
can be compared considering the absolute true stress, strain and strain rate. Further, a
power law dependence between the (absolute) true strain rate (de/dt) and the (absolute)
true stress σ, the former can be written as:

de/dt = f(σo) × (1 + ε)n (1)

where n’ is the apparent exponent of the power law, ε and σo are the engineering strain and
stress, respectively. In the case of tests carried out at the same temperature and the same
initial engineering stress, the slope of the curve corresponds to the exponent of the creep
strain rate when the true strain rate (de/dt) vs. (1 + ε) is plotted with double logarithmic
axes. This kind of plot is adopted in Figure 10a,b to compare different creep curves.

 
(a) (b) 

Figure 10. (a) Comparison between the results of the tensile creep tests performed on A356, E3 and EZ35 alloys and those
reported by Ozbakir [52] and Farkoosh [51] for a A356 alloy and modified versions in microstructural conditions mentioned
within the text. (b) Comparison between the results of the tensile creep tests performed on A356, E3 and EZ35 alloys and
those reported by Farkoosh [39] for modified versions of the A356 alloy in microstructural conditions mentioned within
the text.
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The results will be discussed both in terms of the minimum strain rate, of strain rate
correlation with true stress and of the strain at which creep damage occurs and develops
leading to final fracture with high/low ductility indexes.

To the authors’ knowledge, a creep curve on the A356 casting alloy at 300 ◦C and
applied stress 30 MPa is available in literature only for the compressive creep. It is reported
by E. Ozbakir [52] for an initial slightly overaged condition (SHT, 12 h natural aging,
further 5 h aging at 200 ◦C). Despite the overaged condition, the room temperature tensile
properties of the alloy were slightly higher (YS 230–250 MPa and UTS 250–280 MPa) than
those previously obtained by the present authors for the A356 alloy [45]. The A356 alloy
tested by Ozbakir [52] is referred in Figure 10a as A356-R1, following the author’s name. It
can be noticed that the slightly overaged A356-R1 alloy reached a minimum true strain
roughly double than that of the present alloy.

All the other alloys tested under the same temperature and compression or tension
stress level (compared in the same plot) are characterized by the addition of alloying
elements with the aim of forming sets of strengthening particles (precipitates or dispersoids)
in addition to those of the β-Mg2Si sequence [39,51,52]. For different datasets, the minimum
strain rate tended to decrease (and strengthening effect increase) as strengthening alloying
elements were added. Thus, the strengthening effect was lower for the present A356 alloy
than for E3 and EZ35, for the alloy A356-R1 than A356-R2 (A356 + 0.5%Cu), for these latter
than alloys MG1 and MG2 corresponding, respectively, to A356-R1 and A356-R2 with Mn,
Cr and Zr additions (0.15 mass% per element). The same holds for creep compression
curves under the same testing condition obtained by Farkoosh et al. [51] for Al-7Si-0.5Cu-
0.3Mg (referred as MG3R) and for the same alloy with 0.3%Mo (MG3R3M alloy), tested at
300 ◦C after an optimized aging treatment (SHT + 5 h aging at 200 ◦C) and 100 h soaking at
300 ◦C before creep.

A second comparison between experimental and literature data available can be made
for tension creep at 300 ◦C and 30 MPa. While for tension tests a simple comparison on
the basis of the times to rupture could be performed, a more detailed analysis including
creep resistance, strengthening mechanisms and creep damage and rupture considering
the same axes of Figure 10a was here preferred.

The presently investigated alloys in the T6 condition are compared to those by
Farkoosh [39,51] for alloys that, after SHT and aging were soaked at 300 ◦C for 100 h.
Specifically, the alloys considered by Farkoosh in [39] were an Al-7Si-0.5Cu-0.3Mg-0.3Mo
alloy (referred as MG3R3M) and its modified versions, obtained by adding Mn in 0.15–1
mass% range (the amount of which can be deduced from the number before the final M in
the alloy grade name). Concerning the initial condition of different sets of alloys, it can be
noticed that, in the alloys analyzed here by Farkoosh [39,51], due to the prolonged soaking
anticipating creep, the strengthening effect of the less stable precipitates of the β-Mg2Si
sequence, but also those of the quaternary Q-AlSiCuMg sequences, was reasonably lost as
experimental data on the aging response recently presented by Pan and Breton show for
300 ◦C [54]. As a result, most of the creep strengthening for these alloys has to be correlated
to the more stable strengthening particles formed with added elements, to atoms in solid
solution into the α-Al matrix, and finally to grain size and grain boundary particles, both of
them reducing grain boundary sliding and its contribution to the total strain rate. For this
reason, the Al-7Si-0.5Cu-0.4Mg alloy referred as MG3R in [51] failed after a couple of hours,
while creep life increased in Mo- and Mn-including alloys due to the formation of stable
fine dispersoids of Al-(Fe,Mo)-Si or Al-(Fe,Mo,Mn)-Si during SHT. The creep life tended to
increase up to 180 h (close to those of the presently investigated alloys) with Mo and Mn
additions, at least to certain levels. On the other hand, the minimum creep rate in tension
or compression of the alloys reported by Farkoosh [39,51] decreases with the amount of
Mn, corresponding to the increased amount of strengthening dispersoids [37,39,51]. The
minimum creep strain range of A356, E3 and EZ35 alloys is in the range of the highly
alloyed grades considered by Farkoosh. The minimum creep strain rates have thus kept a
certain degree of strengthening also in the A356 alloy, to which further effects adds up for
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the Er- and Zr-containing alloy. The other two elements are responsible for the progressive
reduction of grain size, morphology change of eutectic Si and of interdendritic coarse
particles and of higher amount of fine intragranular strengthening particles, thus reducing
the minimum creep rate. The decrease of minimum creep strain rate with Er- and Zr-
additions to the A356 alloy was also observed at the higher stress in impression creep [53].

Both in compression and in tension creep, the correlation between the true minimum
strain rate and the term (1 + ε) (proportional to true stress) displays a range where a regular,
almost linear, increase in strain rate occurs. The slope of the curve corresponds to the
apparent Norton index (n’ in Equation (1)), which is particularly high. This situation is
characteristics of creep strain in particle strengthened alloys and has been recently described
also by [55] for an Al-Mg-Zr alloy and also by Spigarelli for a set of Al-alloys strengthened
by nanoscale particles [56]. The presence of strengthening particles produces a threshold
(or quasi-threshold) effect that in the simplest models’ versions, at constant temperature,
considering engineering stress and strain can be described by the following equation

dε/dt = (σ − σth)n (2)

In Equation (2) n is generally referred as the (true) exponent and σth as the threshold
stress, which can be estimated when experimental strain rates ranging of some orders
of magnitude are available [39,55,56]. In the presence of this behavior, for alloys of close
composition tested under the same level of stress σ, the apparent index (n’, in Equation (1))
is lower for the alloy with lower strengthening effect [39,55]. Further, for the same material,
n’ tends to decrease as the stress level increases, reaching the value of the (true) stress
exponent n for the matrix at high applied stress.

These effects can be observed, at least qualitatively, in the comparison of creep curves
in Figure 10a,b. Figure 10a shows that the slope for the present A356 alloy was slightly
higher than that of the A356-R1 alloy, corresponding to the presence of coarser strength-
ening particles (precipitates). The same figure shows that the alloys characterized by the
presence of (Mn + Cr + Zr or Mo) or those containing Cu, all elements forming during heat
treatments fine stable intragranular particles (dispersoids or precipitates), were character-
ized by a relatively steep part of the curves following the minimum creep strain rate.

The same trend to display a faster increase of the strain rate with (1 + ε) for the curves
characterized by the low creep rate (i.e., high creep resistance) can also be observed in
Figure 10a for creep tension tests results. For most of the alloys, the part of the curve
following the minimum creep rate was almost straight, with a nearly perceptible tendency
to decrease before the final steep increase corresponding to creep damage progression. The
presently investigated alloys, with a closer minimum strain rate to some of the Farkoosh
ones, also had similar slopes for the following part of the curve. For A356, E3 and EZ35
creep curves, the n’ estimated from the above curve was high, even higher than the value
close to 30 evaluated by multiple creep tensile tests at lower applied stress by Farkoosh [39]
for the MG3R3M15Mg alloy for which the creep curve in Figure 10b is close to those of
the E3 and A356 alloy. In the work by Rashno [53] where impression creep at 200–275 ◦C
was performed at the very high stress levels typical of impression creep, the A356 alloys
modified with higher amounts of Er and Zr the apparent stress exponent was only 6–7.

As suggested before, the high n’ values observed in the present case could be correlated
to the presence of strengthening particles, and to a non-negligible threshold stress value
in creep strain rate models, while the role played by grain boundary sliding in the case
of fine-grained structures is not straightforward (and in any case of minor importance
also for the fine-grained EZ35 alloy). Nevertheless, the extremely high n’ values observed
with the present approach based on the analysis of a single specimen could be due to
inaccuracy in slope calculation, since the stress range used for the n’ evaluation was small
(at 5% strain the true stress increased from 30 to 31.5 MPa). Further, concurrent overaging
during the creep test could have contributed to the increase of true strain rate, and thus
to increase the calculated n’. When exposed to 300 ◦C during creep, the precipitates of
the β-Mg2Si sequence are expected to reduce their total volume fraction (a reduction in
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the range 10–14% is foreseen by thermodynamic calculations performed by the authors
using Thermo-Calc software [57]) while particle coarsening is controlled by Mg and Si
diffusion (with diffusivities at 300 ◦C of 3.1 × 10−16 and 2.6 × 10−16 m2/s, respectively [58]).
Modeled evolution of the multiphase precipitates of the Al-Mg-Si alloy showed that the
volume fraction of precipitates formed after a temperature increase during aging can have a
more complex evolution [59]. The formation of the fine intragranular Si-particle, as typical
alloys with excess Si [60] and also observed by the authors during transmission electron
microscopy analyses on A356 aged at 200 ◦C for 168 h [50], can reasonably occur. The
changes in precipitates size and volume are in any case thought to leave minor residual
strengthening effects within the first tenth of hours. The Mg and Si diffusion rates are not
far from that of Er in Al (of the order 4 × 10−19 m2/s at 300 ◦C [61]) suggesting a prolonged
strengthening effect due to Er-containing fine particles formed during the heat treatment
cycles anticipating creep tests in the Er-modified alloy (with bimodal size distribution in T6
condition observed on the alloy of close composition [46]). On the other hand, the 5-orders
of magnitude lower diffusivity of Zr in Al suggests that, correspondingly to what observed
for isothermal aging of Er- and Zr-containing alloys [23,62], far longer times are needed for
coarsening and structural modifications of the fine strengthening phase containing both Er
and Zr observed in the alloy in the T6 condition [46].

While the possibility to apply the previous approach to estimate a threshold stress
to the case of data from a single creep test on a microstructurally stable material (i.e.,
no coarsening nor volume change of nanometric strengthening particles) is theoretically
possible, in practice this is prevented by the limited strain rate range for single tension
creep test. Thus, while the presence of strengthening particles can be considered as a
reasonable cause for the high slope of the curves, it cannot be proved.

Focusing now the attention on the last step of the creep curve, the one leading to
the final fracture, is worthy of consideration. In compression tests (literature curves in
Figure 10a), as the strain level increased above roughly 2–3%, the curves reduced their slope,
due to the concurrent barreling effect, which reduced the actual true stress in some portions
of the specimen. On the other hand, a different, upward, change of slope is generally
noticed in tension creep curves shown in Figure 10b. This occurs at (1 + ε) corresponding
to strain levels of about 4%, 6.5% and 5.5% for A356, E3 and EZ35, respectively. Above
these strains, the last stage of the creep tests characterized by creep damage development
takes place. In the presently investigated alloys damage is characterized by the formation
of the discontinuities presented in Figures 3, 5 and 6. The process of damage onset and
development is suggested by the creep curves in Figure 10b. Once again, the results of the
present experimental tests can be discussed comparing them to those of several A356-based
alloys by Farkoosh [37,39,51]. In these alloys the progressive combined addition of Mo
and Mn increased the presence of coarse intermetallics, similarly to what observed for Er
and Zr additions in microstructural investigations for E3 and EZ35 alloy. Farkoosh’s alloys
were further characterized by high aspect ratio of intermetallics. As discussed by these
authors [8,39] and noticeable by their creep curves rearranged here in Figure 10b, the alloys
with high Mn and Mo contents and characterized by the low creep strain rates are also
those for which the high amount of these coarse intermetallics is responsible for the onset
of creep damage at low strain, and for the following rapid increase in strain rate.

Analogously, the higher overall amount of coarse intermetallic phases with Zr and Er
additions and the morphology changes induced by this latter element on eutectic Si during
the alloy solidification process can explain the last stage of the creep curves in the presently
investigated alloys.

Thus, the A356 alloy with a softer creep and overaging structure reached both a higher
minimum creep rate and a lower level of strain for creep damage onset (approximately 4%,
reached at 140 h). In the last stage of the creep test, intergranular damage started at the
eutectic Si, still elongated, as revealed by microstructural observations (Figure 5).

The behavior of the E3 alloy was more complex to explain. The alloy in the T6
condition reached a relatively low minimum creep strain rate. The expected coarsening
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kinetics of fine Er-containing fine strengthening particles, not significantly longer than for
modifications of Mg- and Si-containing phases, could be responsible of a relatively fast
increase for the strain rate, while a minimal contribution of grain boundary sliding cannot
be excluded. The onset of tertiary creep occurs then at an accumulated strain of 6.5% and
progresses slowly with strain. As a result, the ductility indexes for E3 were the highest
of the investigated alloys. The delay in the onset of damage with respect to the reference
alloy and the slow damage progression with strain was reasonably due to the combined
presence of globularized Si and of the mostly dissolved and compact coarse intermetallics.

The most stable microstructure, EZ35 alloy, with the higher creep-resistance and the
presence of the stable Zr- and Er-containing fine particles [63], after reaching the lowest
minimum creep strain rate, slowly accumulates strain. The presence of globularized
eutectic Si particles, even if in combination with a high amount and high aspect ratio,
but mainly intragranular, intermetallics, delays at about 280 h and 5.5% total strain and
the onset of creep damage, which develops intergranularly also in this alloy and which
progresses relatively in a relatively fast way.

As a final remark, in the investigated Al-Si-Mg casting alloys the creep behavior was
affected by the combined presence of different features induced by minor alloying elements
and preliminary heat treatments, such as Si morphology, coarse intermetallics and the fine
strengthening particles (overaging or forming, depending on composition and initial alloy
temper). When the creep characterization was performed on these alloys in view of specific
service conditions, not only the temperature, but also the stress range should be selected,
whenever possible, according to foreseen service. Further, when tension stress is considered
for a component, the availability of the overall tensile creep strain curve of the alloy could
allow one to detect the onset of damage forms. This holds also when multiple stress steps
are performed on the same tension creep specimen, since the corresponding strain rate
are potentially related to the actual strain and microstructural damage. In addition, the
modification of strengthening particle during the multiple stress steps could affect these
results. Finally, in situations with particularly long times or high temperatures, changes in
coarse precipitates and solid solution composition could also become no more negligible.

5. Conclusions

The analysis of the results of tension creep performed at 300 ◦C under 30 MPa stress
on a A356 alloy, on its E3 and EZ35 modified versions and of the available literature data
on differently modified A356 alloys can be summarized in the following points:

• The minimum creep strain rate at 300 ◦C decreased from the A356 to E3 and EZ35
alloy, corresponding to the greater amount of strengthening particles;

• The analysis of creep strain rate, performed on a true strain rate vs. (1 + e) plot
in order to compare creep curves in tension and in compression, shows that the
strain rate increased continuously during the constant load test of about one order of
magnitude due to the actual increase of true stress and to a high apparent power-law
index. Comparisons with literature data confirm this behavior and correlate it to the
presence of nanoscale strengthening particles that could be modeled as threshold
stress-behavior;

• The above analysis of creep strain rate for a single specimen can be carried out up to
the onset of damage (in tension creep) or barreling (in compression creep). Specifically,
in tension creep tests the strain level at which the onset of creep damage occurs could
reduce significantly as the microstructural features related to it becoming more critical
(high aspect ratio or in higher volume fractions);

• The analysis of the overall tensile creep behavior should take into account, in addition
to the minimum creep strain rate, also the final damage, causing a final increase of
the strain rate up to the final fracture. As a result, the alloy EZ35, characterized
by finer dendritic grains, globular eutectic Si and by high amount of stable coarse
Zr-rich intermetallics, mostly in the intradendritic position, displays the onset of creep
damage at about 5.5% strain and good ductility indexes.
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Abstract: The effects of postprocessing annealing at 225 ◦C for 2 h on the creep properties of AlSi10Mg
alloy were investigated through constant load experiments carried out at 150 ◦C, 175 ◦C and 225 ◦C.
In the range of the experimental conditions here considered, the annealing treatment resulted in an
increase in minimum creep rate for a given stress. The reduction in creep strength was higher at
the lowest temperature, while the effect progressively vanished as temperature increased and/or
applied stress decreased. The minimum creep rate dependence on applied stress was modeled using
a physically-based model which took into account the ripening of Si particles at high temperature and
which had been previously applied to the as-deposited alloy. The model was successfully validated,
since it gave an excellent description of the experimental data.

Keywords: creep; aluminum alloys; additive manufacturing; annealing; modeling

1. Introduction

1.1. AlSi10Mg Alloy Produced by Additive Manufacturing: Main Structural Features

AlSi10Mg is an aluminum alloy which is extensively used in the production of parts
by additive manufacturing (AM). Specifically, laser powder bed fusion (LPBF) is the most
widespread AM technique for the production of components made of this alloy [1–3].
Starting from computer aided design (CAD) models, LPBF builds up new parts layer-upon-
layer. Each layer is formed by small portions of powder (melt pools), which are selectively
melted by the laser. The resulting very high cooling rates (~106 ◦C/s) and the sequence
of passes, each of which acts as a thermal treatment on the lower and already solidified
layers, produce an extremely fine structure with interesting mechanical properties [4–6].
The complex structure typical of AlSi10Mg AM products can be schematically described as
follows:

i. at a macroscopic level (100 μm–1 mm), the most noteworthy features are: (a) the high
surface roughness resulting from the presence of melt pools; (b) the possible presence
of porosities [7];

ii. at a mesoscopic level (1–100 μm), the melt pool substructure is formed by columnar
grains with diameters of several microns, which are subdivided into smaller long
cells with diameters of a few hundreds of nm, separated by Si–Mg-rich eutectic
regions [7–9];

iii. at a microscopic level (10 nm–1 μm), the long cells are subdivided into equiaxed
subcells, again with diameters of a few hundreds of nm, separated by a network of
Si-rich eutectic regions. The eutectic regions are richer in Si [10] and contain densely
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spaced Si particles, the size and distribution of which can vary as a function of process
parameters [7,8] or part size [9].

1.2. AlSi10Mg Alloy Produced by Additive Manufacturing: Effect of Stress Relieving/Low
Temperature Annealing

As mentioned above, the mechanical properties of as-formed AM parts are indeed
peculiar. The extreme thinness of the substructure gives the alloy very high yield and
ultimate tensile strengths, which are roughly comparable with those typical of the T6
state, although at the expense of low ductility. Residual stresses and the presence of
porosity can further decrease ductility and toughness. For this reason, postprocessing
usually includes a stress-relieving or annealing treatment, which increases ductility but
significantly reduces the tensile properties of the alloy. An example of the variation in
tensile yield stress with annealing temperature for a fixed duration of 2 h is reported in
Figure 1 (data from [5,10–13]). The figure includes only the data for the low-temperature
treatments, since at higher temperatures (400–550 ◦C) the meso- and microstructures
undergo extensive variations that drastically change their very nature, which progressively
approaches that of die-cast alloys.

 

Figure 1. Effect of a 2-h postprocessing heat treatment on yield strength (on the left, the values for the
as-deposited alloys) [5,10–13]. The figure also plots the roughly estimated value of the yield stress
calculated by taking into account the effects of the Ostwald ripening of Si particles of different initial
size (see Appendix A for details on the calculation of the Si particle size dcalc, and Table 1 for the
meanings of symbols). In addition, data on the observed crystallite size, dest, are reported [5].

The first obvious evidence from Figure 1 is the high variability in the mechanical
properties of the alloy in the as-deposited state. This variation can be attributed to the
differences in deposition conditions reflected in the different morphologies of the meso-
and microstructures.

A point to be addressed is whether the complex trend of the yield strength can be
somehow quantitatively described by a physically-based model. A simplified modeling
approach [14] assumes that the mechanical properties of the alloy are mainly controlled by
its microstructure, i.e., by the interaction between dislocations and obstacles at a submicron
scale. The microstructural analysis carried out in [14] confirmed that, in the as-deposited
state, the microstructure of the alloy consists of 500 nm-wide cells, surrounded by a network
of fine Si particles (Appendix A shows a representative micrograph of the microstructure).
The interior of the observed cells, by contrast, contains few remote fine particles. This
structure can be modeled as a combination of soft zones surrounded by hard regions. The
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cell interior can thus be seen as a soft zone which dislocations can easily pass through,
while the eutectic region is a hard region which becomes a strong obstacle to dislocation
motion. The resulting material model (MM) can be therefore used to attempt a description
of the softening phenomena illustrated in Figure 1.

If hard (eutectic) and soft (cells) zones deform under similar strain rates, the strength
of the “composite” material can be calculated as

σ = fH σH + (1 − fH)σS (1)

where σH and σS are the stresses acting on the hard and soft zones, respectively, and fH is
the volume fraction of the hard regions [15–17].

The yield stress of the alloy can then be estimated by assuming that the initial disloca-
tion density is very low, thus showing that dislocation hardening does not significantly
contribute to yielding. The stress necessary to start dislocation motion (yielding) in the
hard and soft zones can therefore be tentatively calculated as

σyi = σa + σi
Or (2)

where σa is the yield stress of an alloy containing 0.5% Mg (60 MPa), which includes the
solute hardening contribution of this alloying element, and σOr

i is the Orowan stress in
the i-region (soft or hard). The Orowan stress, in turn, can be estimated by its simplest
formulation [18], namely

σOr =
084mGb

L
(3)

where m = 3.05, G is the shear modulus, b is the Burgers vector and L is the surface-to-
surface interparticle spacing. Following [14], it can be assumed that each cell has a size
of 500 nm [8] and that the volume fraction of the eutectic portions is fH = 0.25. Both cells
and eutectic regions contain fine Si particles of initial size d0. The initial surface-to-surface
interparticle distance is assumed to be equivalent to d0 in the hard zones and to 200 nm in
cell interiors.

Once precipitation to the equilibrium volume fraction is complete, particle size evolves
during annealing due to coarsening/ripening. Details about the equations used for the
calculation of particle size (dcalc) and interparticle distance after annealing are presented in
Appendix A. The calculated variations in yield stress Equations (2) and (3) obtained for MM
with different d0 values are presented in Figure 1. An analysis of the figure suggests that, in
general terms, the combination of MM with the equations describing the Ostwald ripening
phenomena of Si particles gives a reasonable description of the yield stress reduction after
annealing. Nevertheless, at a closer look, some specific features emerge, namely:

i. in some cases (see, for example data from [13]), the yield stress monotonically de-
creases with increasing annealing temperature. The phenomenon is quite correctly
described by the model curves;

ii. in other cases (see data from [5] and evidence presented in [10]), precipitation of Si is
not completed during the AM process. Thus, in the early stages of low-temperature
annealing, an additional precipitation of fine Si particles results in an increase in yield
stress. This secondary precipitation is not accounted for by the equations presented
in Appendix A, since the model assumes that ripening starts immediately upon
annealing. This fact is easily confirmed when comparing the estimated value of the
Si crystallites (dest) [5] and the calculated value of Si particle size (Figure 1). The
secondary precipitation results in a finer particle size than the one predicted by the
ripening equations.
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Table 1. List of constitutive model parameters.

Symbol Meaning

σ True applied stress (MPa)
.
εm Minimum creep rate (s−1)

σ0 Particle strengthening term (Orowan stress) (MPa)

α Constant: 0.3

m Taylor factor: 3.06

R Gas constant: 8.314 (J mol−1K−1)

G Shear modulus: 30,220–16 T (MPa)

b Burgers vector: 2.47 × 10−10 (m)

ρ Dislocation density (m−2)

σρ Dislocation hardening term: =αmGbρ1/2 (MPa)

τl Dislocation line tension: =0.5Gb2 (N)

Rmax Maximum strength at the testing temperature [MPa)

k Boltzmann constant = 1.38 × 10−23 (J K−1)

D0L
Pre-exponential factor in the Arrhenius equation describing the temperature dependence of the vacancy diffusion
coefficient: 8.3 × 10−6 (m2s−1) [19]

QL
Activation energy in the Arrhenius equation describing the temperature dependence of the vacancy diffusion
coefficient: 122 (kJ mol−1) [19]

Uss

Energy necessary for Si (and Mg) atoms still in solid solution to jump in and out of the atmospheres that spontaneously
form around dislocations; previous calculations gave values close to 10–15 kJ mol−1 for Mg [20]. For the sake of
simplicity, here Uss is assumed to be 10 (kJ mol−1)

RUTS
a Room temperature tensile strength of an alloy with the same impurity level, similar content of elements in solid solution

and coarse intergranular intermetallics, in the absence of fine Si particles, here roughly estimated to be 115 (MPa)

L Surface-to-surface interparticle spacing (m)

GT, GRT Shear modulus at the testing temperature and at 25 ◦C, respectively (MPa)

Mcg Temperature dependent dislocation mobility

d0 Initial dimension of Si particles

dest Experimental estimate of the size of Si particles at time t

dcalc Calculated value of the size of Si particles at time t

σyi Yield stress

σa Yield stress of an alloy containing 0.5% Mg but no Si particles

σOr
i Orowan stress in the i-region (i = H,S)

The analysis above indicates that, also during stress relieving/low temperature anneal-
ing, AM AlSi10Mg alloy is affected by complex combinations of metallurgical phenomena
(secondary precipitation, depletion of elements in solid solution, ripening). These phe-
nomena occur on a microstructure the structural features of which (melt pool size, cell
size, particle size, etc.) are strongly dependent upon processing conditions. On the other
hand, both the temperature and duration of the postprocessing heat treatment need to be
accurately selected in order to reduce brittleness and residual stresses, thus avoiding an
excessive softening of the alloy. It is therefore reasonable to select the highest temperature
which does not result in a marked decrease in strength (200–300 ◦C). However, in cases in
which Si precipitation only occurs during AM, a marked reduction in strength [10] can be
observed for temperatures above 250 ◦C, presumably due to particle ripening, which is
well described by the model curves. On these bases, a temperature of 225 ◦C/2 h appears
to be an interesting candidate for stress relieving/low-temperature annealing treatment.
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1.3. AlSi10Mg Alloy Produced by Additive Manufacturing: Creep Response

Although generally exhibiting poor creep resistance, aluminum alloys have attracted
considerable attention as case-study materials (see [19,20] for detailed discussions). In ad-
dition, Al–Si alloys have been clearly demonstrated to behave as a sort of natural metal
matrix composite in which an Al matrix is reinforced by Si particles [21]. In this sense, the
creep response of these composites reinforced with nm-sized Si particles is an intriguing
matter that deserves detailed investigation.

The creep behavior of AlSi10Mg produced by AM was first investigated in [6,22]
and then more extensively addressed in [14], in the latter case by testing the as-deposited
material. The experimental data, when described by the well-known phenomenologi-
cal equation

.
εm = A(T)σn (4)

where A(T) is a temperature dependent parameter, gave a stress exponent n that decreased
with increasing temperature from 22 to 15. Such high values of the stress exponent are
indeed frequently attributed to the strengthening effect of particle–dislocation [17,18].
On these bases, the MM described in Section 1.2 was successfully used in combination with
the set of constitutive equations introduced in [19,20], namely:

σ = σ0 + σp = σ0 + αmGb
√

ρ (5)

.
εm =

2McgτlbL
m

( σρ

αmGb

)4
(6)

Mcg ∼= D0Lb
kT

exp

(
σρb3

kT

)
exp

{
−QL

RT

[
1 −

(
σρ

Rmax

)2
]}

exp
(
−Uss

RT

)
(7)

Rmax = 1.5(R a
UTS + σOr)

GT
GRT

(8)

The meanings of the different symbols are illustrated in Table 1, while the derivation
of the model is reported in Appendix B. For a given value of the minimum strain rate, each
of Equations (5)–(8) was applied in the hard and soft zones. The particle strengthening
term σ0 was assumed to be equivalent to the Orowan stress and the particle size at the
time corresponding to the minimum in creep rate was calculated using the equations in
Appendix A, by assuming d0 = 50 nm. The stress corresponding to the given strain rate
was then expressed by Equation (1). The resulting model curves are presented in Figure 2.

 

Figure 2. Experimental values of the minimum creep rate in as-deposited additive manufacturing
(AM) AlSi10Mg and material model (MM) curves (see Appendix A for the constitutive equations
used in combination with the composite model, Equation (1), with d0 = 50 nm) [14].

87



Metals 2021, 11, 179

The remarkable accuracy of the curves demonstrated that the basic assumption (creep
response is mainly controlled by microstructure, i.e., by particle–dislocation interaction
at a submicron scale, while, in this context, the mesostructure plays a minor role) was
substantially correct.

The study presented here originated from the findings reported in the previous
sections. As mentioned above, the creep response of Al10SiMg alloy has been dealt with by
only a few studies and the subject is worth of deeper investigation. In addition, it has been
recognized that annealing produces a softening of the microstructure but no quantitative
models for this effect have been proposed. The aim of the study was thus twofold: i. to
investigate the effect of low-temperature annealing (225 ◦C/2 h) on the creep response
of heat-treated AM AlSi10Mg and compare the results with the as-deposited behavior; ii.
to validate the quantitative predictions of the constitutive model that had already been
successfully used for the as-deposited alloy.

2. Materials and Methods

Dogbone creep samples made of Al-9.6%Si-0.38% Mg alloy with a gauge length of
25 mm and a square section of 3 mm × 3 mm were produced by an SML500 machine
(SLM Solutions, Lubecca, Germany) with the following deposition parameters: substrate
temperature 150 ◦C, laser power 350 W, spot size 80 μm, scan speed 1.15 m/s, hatch spacing
170 μm, layer thickness 50 μm. The growth direction was parallel to the sample axis
(loading direction). Stress relieving/low-temperature annealing at 225 ◦C for a duration of
2 h was applied to the as-built samples.

Constant load tensile creep experiments were carried out in air on the as-deposited
samples at 150 ◦C, 175 ◦C and 225 ◦C. The samples were mostly strained up to rupture,
although longer tests were interrupted after the end of the primary stage. The samples were
heated in a three-zone furnace and both elongation, measured by LVDT, and temperature
were continuously recorded during the test. Temperature was measured by four K-type
thermocouples.

3. Results

After annealing, the microstructure of the alloy remained substantially similar to that
shown in Figure A1 due the short annealing time, which, at maximum, could lead to an
increase of a few nm in Si particle size.

Figure 3a shows typical examples of the strain vs. time creep curves. Figure 3b shows
representative creep strain rate vs. strain curves. The alloy exhibited the conventional
three-stage behavior, with a well-defined primary region, a minimum creep rate range and
a tertiary stage.

Figure 4 plots the minimum creep rate dependence on applied stress for the annealed
alloy. The figure also plots the same data of Figure 2, obtained in [14], by testing the
same material in the as-deposited condition. As in the case of the untreated alloy, the
annealed material also exhibited high values for the stress exponent (n = 23, 29 and 17
at 150 ◦C, 175 ◦C and 225 ◦C respectively). The creep rates of the heat- treated alloy
were higher than those of the as-deposited material, although the difference became
smaller as the temperature and/or duration of the test increased. Within the range of
experimental conditions investigated, the datasets for the as-deposited and the heat-treated
materials align on almost parallel curves, i.e., indicating that the stress exponent was
roughly equivalent, only at 150 ◦C. These findings indicate that, while at low temperatures
the two materials behaved quite differently and heat treatment resulted in a marked
worsening of the creep response, in the high temperature regime, in particular for long
tests, i.e., low stresses, this effect progressively vanished and creep response became more
and more similar.
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(a) (b) 

Figure 3. Experimental creep curves: (a) example of strain vs. time curve; (b) strain rate vs. strain curves at different
experimental conditions.

 

Figure 4. Minimum creep rate dependence on applied stress for the annealed and as-deposited [14] alloy.

Figure 5 plots the time to minimum creep rate (tm) as a function of the minimum
creep rate. The data align on a single line of slope −1. The fact that the experimental data
conform to the simple equation

.
εmtm = cm (9)

implies that the same time-dependent mechanisms operate within the range of experimen-
tal conditions investigated.
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Figure 5. Time to minimum creep rate as a function of minimum creep rate for the annealed alloy.

4. Discussion

4.1. Analysis of the Effect of Low-Temperature Annealing on Creep Response

Section 3 (Figure 4) unambiguously shows that even a low-temperature annealing
at 225 ◦C for 2 h results in a marked decrease in creep properties, at least as long as the
testing temperature does not exceed 150 ◦C. At higher temperatures, the reduction in creep
response is more limited, because the as-deposited alloy also undergoes extensive softening
during high-temperature exposure. In order to quantify the loss in creep resistance, the
data in Figure 4 were used to calculate Δσ, expressed as

Δσ = σad − σht (10)

where σad and σht are the stresses applied to obtain a given value of the minimum strain rate
in as-deposited and heat-treated alloys, respectively (Figure 6). Figure 6 only includes data
for 150 and 175 ◦C, since at the higher temperature the experimental results for heat-treated
and as-deposited alloys substantially overlap.

Figure 6 shows that the as-deposited alloy creep tested at 150 ◦C maintained a 50 MPa
advantage in strength until the minimum creep rate decreased below 10−6 s−1. By contrast,
at 175 ◦C, Δσ monotonically decreased from 47 to 7 MPa with decreasing minimum creep
rate. The softening obviously originates from the microstructural evolution during high-
temperature exposure. Postprocessing annealing results in ripening/coarsening of the
Si particles, which are the major sources of strengthening at high temperatures. At low
testing temperatures, where ripening is a sluggish phenomenon, the advantage in creep
strength is maintained until the time of exposure becomes so long that particles start
to coarsen even in the as-deposited material. At 175 ◦C ripening is more rapid and the
initial advantage of the as-deposited state, i.e., the presence of smaller particles in the
microstructure, is rapidly lost and the two materials progressively become more and more
similar. Although reasonable, this qualitative explanation needs to be supported by a more
quantitative analysis of the relationship between creep response (the minimum creep rate)
and the microstructural features (Si particle size and interparticle distance), which will be
dealt with in the following section.
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Figure 6. Δσ as a function of the minimum creep rate for 150 ◦C and 175 ◦C.

4.2. Modeling the Effect of Low-Temperature Annealing on Creep Response

Section 4.1 provides useful indications about the effect of annealing on creep response.
Nevertheless, the combination of the constitutive equations illustrated in Appendix A
with the MM and Equation (1) provides a useful tool for modeling creep response. All the
parameters of the different equations are available, since the model was already successfully
used to describe the as-deposited creep response (Figure 2). The only missing term is the
time corresponding to the minimum creep rate, which, however, can be easily obtained
from Figure 5. The annealing time was sufficiently short to not cause major variations in
the microstructure, although a barely discernible increase in size was nevertheless expected.
Thus, Equation (A6) in Appendix A can be used to estimate particle size after annealing.
By taking d0 = 50 nm, as in [14], after 2 h at 225 ◦C a particle size close to 59 nm can be
obtained. Equation (A6) and Equation (9) can then be combined and used to estimate
the size of the particles at tm for a given value of the minimum strain rate. Since the
surface-to-surface interparticle spacing can be expressed as

L = d

(
0.5√
6 f /π

−
√

2
3

)
(11)

where f is the volume fraction of the particles (here assumed not to vary during the test,
both in hard and soft zones), one obtains

L = L0
d
d0

(12)

For the particles inside the cells only, particle distance was assumed to increase with
time, due to ripening, until it reached half of the cell size (250 nm) and then to remain
constant for longer durations. This assumption implies that, even for long times of exposure,
at least one single particle remains in the cell interior. Once L has been determined, the
equations in Appendix B can be used to calculate the model curves for the heat-treated
material shown in Figure 7.
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Figure 7. Model curves calculated for the material heat treated at 225 ◦C for 2 h. The only experimen-
tal datum used to calculate the curves is the relationship shown in Figure 4.

If one considers that all the parameters except the cm constant, which was, in fact, the
only experimental value obtained from Figure 4, were calculated for the as-deposited alloy,
the accuracy of the description is remarkable. The model significantly overestimates the
material strength only in the very high strain rate region.

Figure 8a plots a comparison between the model curves obtained for the as-deposited
and the heat-treated alloy; Figure 8b shows the experimental data available at 225 ◦C for
the as-deposited alloy [14] and for the alloy annealed for 2 h at 225 ◦C (this study) and
at 300 ◦C [22].

  
(a) (b) 

Figure 8. (a) Model curves calculated for the as-deposited and the heat-treated (225 ◦C for 2 h) alloy; (b) minimum creep rate
obtained at 225 ◦C for the as-deposited alloy [14] and for the alloy annealed for 2 h at 225 ◦C (this study) and at 300 ◦C [22];
(b) also includes the model curves calculated by combining the MM and the equations reported in Appendix A.
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An interesting feature, which is qualitatively described in the previous subsection
and well documented by Figure 8b, is the progressive convergence between the curves
obtained for the different initial states as the strain rate decreases, i.e., the time of exposure
increases. In addition, the advantage in creep response of the as-deposited alloy decreases
as temperature increases (Figure 8a).

Both Figures 7 and 8 validate the prediction of the model proposed in [14], which is
sufficiently accurate to constitute a valid tool for the prediction of the creep response of the
alloy investigated in different initial states.

The appropriateness of the basic assumption of the model, i.e., that the key factors
controlling the creep response are the size and distribution of second-phase particles, has
thus been confirmed. Any annealing treatment causes ripening of the Si particles and, as a
consequence, a reduction of the creep resistance of the alloy. The accuracy of the description
implies that the model is a valid tool for the prediction of the creep response of Al–Si alloys,
provided that sufficient data on the microstructural analysis and some information on the
shape of the creep curve (the correlation between minimum creep rate and the time at
which it is measured) are available. Ingot or rheo/thixo-casting products actually exhibit
microstructures which, after solution treatment, largely repeat the same morphology as
that shown in Appendix A but at a larger scale, i.e., with much larger “cells” (the grains of
Al) surrounded by a network of very coarse Si particles (see, for example, [23,24]). In this
regard, the model presented here could in principle also be used for the analysis of the
creep response of these conventionally produced materials.

5. Conclusions

The effect of low-temperature annealing at 225 ◦C on creep response was investigated
by constant load experiments carried out at 150 ◦C, 175 ◦C and 225 ◦C. A comparison
with the experimental data obtained by testing the as-deposited alloy demonstrated that
annealing results in a loss of creep resistance that is more pronounced at lower temperatures.
In general, the creep response of the as-deposited and of the heat-treated alloys became
more and more similar as temperature increased and/or applied stress decreased. The alloy
response was then compared with the prediction obtained from a physically-based model
which took into account the effect of Si particle ripening. In order to apply the constitutive
equations previously developed to describe pure aluminum and simpler Al alloys, the
complex microstructure of AM AlSi10Mg was assimilated to that of a composite formed
by soft zones (cell interiors) and hard zones (Si-rich eutectic regions). The constitutive
equations were then used on the resulting simplified material model described by the rule
of mixture. Since the values of all the parameters had been identified by studying the
as-deposited material, only one datum was required for the physically-based model to
work, namely the relationship between the time to minimum creep rate and minimum
creep rate. The resulting description of the annealed material was excellent, as in the case
of the as-deposited alloy, and the model was successfully validated. The straightforward
conclusion is that the key factors which determine the creep response of the investigated
material are the size and distribution of the second-phase particles. Annealing causes
an increase in particle size and a parallel decrease in creep resistance that can be easily
quantified by the proposed model.
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Appendix A

Figure A1 shows the microstructure of the alloy in the as-deposited state, with the
cells surrounded by the fine Si particles.

During high-temperature exposure, once the precipitation process ends and the equi-
librium volume fraction of the secondary phase (Si) is reached, the particles are thought to
evolve by Ostwald ripening, which is described by an equation in the form

d3 = d3
0 +

64γC∞V2
m

9RT
De f f t (A1)

where d0 is the initial particle size, d the particle size at time t, γ the interfacial energy,
C∞ the equilibrium concentration of the species that form the particles and Vm the molar
volume of the particle.

 

Figure A1. Microstructure of the alloy in the as-deposited state.

The effective diffusion coefficient can be written as

De f f ≈ DLs + Ap2ρmDps (A2)

where DLs = D0Ls exp(−QLs/RT) is the lattice diffusion coefficient of the element forming
the particle, Dps = D0ps exp(−Qps/RT) the corresponding pipe diffusion coefficient and ρm
the mobile dislocation density. Ap2 is the effective sectional area for diffusion which takes
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into account the scavenging effect of solute atoms by moving dislocations. The mobile
dislocation density can be obtained with the Orowan equation

.
ε =

b
m

ρmvm (A3)

where vm is the dislocation velocity. Combined with Equation (A1), Equation (A2) gives

De f f = DLs +
Ap2m
bvm

.
εDps (A4)

If Ap2 is indeed supposed to be proportional to the dislocation velocity vm, then

De f f = DLs

(
1 + B′

.
ε

Dps

DLs

)
= DLs

[
1 + B

.
εexp

(
QLs − Qps

RT

)]
(A5)

where B = B’D0ps/D0Ls is a constant. Equation (A5) is formally analogous to a similar
equation proposed by Cohen [25]. The Ostwald ripening equation thus becomes

d3 = d3
0 + KgDLst + KgDLsBexp

(
QLs − Qps

RT

)
.

εt (A6)

with

Kg =
64γC∞V2

m
9RT

(A7)

Since in the temperature range considered in this study the equilibrium solid solubility
of Si in Al can be considered to be almost constant, the weak temperature dependence
of Kg was neglected. The activation energies in Equation (A6) were considered to be
QLs = 124 kJ mol−1 and Qps = 0.6 QLs; the calculation in [14] gave D0Ls Kg = 2 × 1017 nm3 h−1

and B = 10 s−1.
In order to verify the accuracy of the model in predicting the effect of high-temperature

exposure on particle size, the diameter of the Si particles after 30 h annealing (initial size
50 nm) was estimated and compared with the real microstructure in Figure A2. At first
glance, the model overestimates the size of the single particles; however, in the real
microstructure, several agglomerates of these smaller Si precipitates can be observed.
These agglomerates obviously behave as single larger particles. As a result, one can safely
conclude that, although oversimplified, the description of the real microstructure of the
alloy provided by the model is accurate.

Equation (A6) was used to calculate the size of the particles in two conditions: i. after
annealing, under the assumption that the precipitation process was completed during AM
and ripening started just at the beginning of the postprocessing heat treatment; ii. during
creep experiments, at the time corresponding to the minimum creep rate. In the latter case,
since during primary creep the samples had experienced strain rates much higher than the
minimum value, the value 10

.
εm was used for

.
ε in Equation (A6).

95



Metals 2021, 11, 179

  
(a) (b) 

Figure A2. Comparison between the calculated particle size (the black circles in the insert, which
qualitatively show the microstructure of the model material) and the real structure after annealing
for 30 h. The diameter of the black circles in the inserts corresponds to the calculated particle size at
the given magnification. (a) 175 ◦C, calculated size of Si particles = 53 nm; (b) 200 ◦C, calculated size
of the particles = 63 nm.

Appendix B

The constitutive model was developed for Cu by Sandström [26–28] and was later
modified to describe Al and its alloys [19,20]. The starting point is the well-known Taylor
equation, here considered in a simplified form:

σ = σ0 + σp = σ0 + αmGb
√

ρ (A8)

where ρ is the dislocation density and σρ = αmGbρ1/2 is the dislocation hardening term.
The stress σ0 represents the strengthening contribution due to the interaction between
fine particles and dislocations. This formulation of the Taylor equation does not take into
account the stress required to move the dislocation in the absence of other dislocations nor
the viscous drag stress due to solute atoms, since both these quantities, in a dilute solid
solution reinforced by a fine dispersion of particles, are usually negligible when compared
to the strengthening term due to particle–dislocation interaction.

The evolution of dislocation density during straining can be expressed as [26–28]

dρ
dε

=
m

bL∗ − ωρ − 2
.
ε

Mcgτlρ
2 (A9)

where ω is a constant, τl is the dislocation line tension (τl = 0.5Gb2), Mcg is the dislocation
mobility and L* is the dislocation mean free path. At high temperatures, the equation can
be simplified to

dρ
dε

=
m

bL∗ − 2
.
ε

Mcgτlρ
2 (A10)
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The dislocation mean free path represents the distance traveled by a dislocation before
it undergoes a reaction. In the presence of fine particles obstructing dislocation mobility,
with L interparticle spacing, the dislocation mean free path can be expressed in the form [20]

1
L∗ =

√
ρ

CL
+

1
L

(A11)

For alloys with densely spaced particles, Equation (A11) becomes

1
L∗ ≈ 1

L
(A12)

At steady state, the combination of Equations (A8), (A10) and (A11) gives

.
εm =

2McgτlbL
m

( σρ

αmGb

)4
(A13)

Dislocation mobility in dilute Al–X solid solutions (where X is either Si or Mg) is [26–28]:

Mcg ∼= D0Lb
kT

exp

(
σρb3

kT

)
exp

{
−QL

RT

[
1 −

(
σρ

Rmax

)2
]}

exp
(
−Uss

RT

)
(A14)

where Rmax is the maximum strength of the alloy, tentatively quantified at room temperature
as 1.5 times the ultimate tensile strength (RUTS) of the alloy. The Uss term describing
the energy necessary for solute atoms to jump in and out of the clouds formed around
dislocations has the form [27]

Uss =
1

3π

1 + ν

1 − ν

GΩδR
k

(A15)

where ν is Poisson’s ratio (=0.3 in Al), Ω is the average Al atomic volume and δ is the
volume atomic misfit.
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Abstract: Friction stir processing (FSP) was used on coarse-grained WE54 magnesium alloy plates of
as-received material. These were subjected to FSP under two different cooling conditions, refrigerated
and non-refrigerated, and different severe processing conditions characterized by low rotation
rate and high traverse speed. After FSP, ultrafine equiaxed grains and refinement of the coarse
precipitates were observed. The processed materials exhibited high resistance at room temperature
and excellent superplasticity at the high strain rate of 10−2 s−1 and temperatures between 300 and
400 ◦C. Maximum tensile superplastic elongation of 726% was achieved at 400 ◦C. Beyond 400 ◦C,
a noticeable loss of superplastic response occurred due to a loss of thermal stability of the grain size.
Grain boundary sliding is the operative deformation mechanism that can explain the high-temperature
flow behavior of the ultrafine grained FSP-WE54 alloy, showing increasing superplasticity with
increasing processing severity.

Keywords: friction stir processing; WE54 magnesium alloy; superplasticity; grain boundary sliding;
processing severity

1. Introduction

Magnesium, as the lightest structural metallic material, is being used in different engineering
applications and may replace aluminum once its strength and ductility are improved with the help of
intensive research on this material [1,2]. Such investigations will decrease the weight of structures,
especially in the automotive and aerospace industries, increasing fuel-efficiency and minimizing its
CO2 footprint.

The strength of magnesium can be increased by alloying with rare earth elements, which usually
present high solubility in the magnesium lattice and are effective for precipitation and age hardening [3,4].
This addition can also significantly improve the creep resistance of magnesium alloys, as proven with
the addition of yttrium and gadolinium, heavy rare earth (RE) elements that usually improve high
temperature strength [3–5].

An additional issue for the widespread use of magnesium comes from its poor workability at
room temperature, which makes the fabrication of complex-shaped components a difficult task. This is
due to the limited number of slip planes available and the activation of twinning. Such a problem is
partially solved by extensive grain refining that may increase ductility at room temperature [6–8].
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Among numerous techniques used for achieving ultrafine grain (UFG) microstructures,
severe plastic deformation (SPD) processing techniques are nowadays the most promising route [9–11].
The large stresses and huge deformation values imposed during SPD generate high dislocation
densities in the materials, which evolve into ultrafine grain structures through recovery and
recrystallization processes.

Among the SPD techniques, friction stir processing (FSP) is rapidly developing because it allows
the attainment of large products with UFG microstructures and can be easily implemented in the
industry. FSP is a versatile solid-state processing technique that can tailor the microstructure and,
therefore, the mechanical properties by controlling the processing parameters and the cooling rate.
In this work, magnesium samples were friction stir processed under two different cooling conditions,
non-refrigerated and cryogenic (liquid nitrogen) cooling, and at various tool rotation and traverse
speeds seeking a high severity in the introduction of plastic deformation.

A direct consequence of microstructure refinement is the possibility of deforming in a superplastic
way. In such a case, elongations to failure are much larger than for coarse-grained materials,
usually reaching values larger than 400%, or 200% for high strain rates (>10−2 s−1) [12]. This behavior
is needed for the use of superplastic forming as a feasible production process of geometrically complex
parts. In order to make superplastic forming a profitable method at an industrial scale, strain rates equal
to or higher than 10−2 s−1 are required. The underlying deformation mechanism in superplasticity is
grain boundary sliding (GBS), which requires a fine grain size, less than 20 μm, and a high fraction of
high angle grain boundaries. The grain sliding during GBS requires a diffusion-controlled mechanism
that acts as an accommodation process. Therefore, the temperature should be relatively high, which
may lead to grain growth as a counter-productive side effect. These two factors should be closely
controlled to attain successfully large elongations. In addition, the finer the grain size, the higher
the superplastic strain rate, the lower the superplastic temperature, and the slower the grain growth.
Therefore, it is interesting to process the material with the highest severity in order to obtain the
smallest grain size and benefit from these advantages in the superplastic forming of high added-value
structural parts.

2. Material and Experimental Procedure

Extruded WE54 plates of dimensions 300 × 80 × 5 mm3 were received from Magnesium Elektron
(Manchester, UK). The plates were solution-heat treated at 525 ◦C for 8 h, followed by hot water
quenching (60 ◦C) and final aging at 250 ◦C for 12 h, which consist of the so-called T6 temper [13].
The composition of the alloy was the following (in wt.%): 5% Y–1.5% Nd–1.5% RE–0.45%Zr–balance Mg.

The microstructural characterization was carried out by means of electron back-scattered diffraction
(EBSD). EBSD samples were prepared by mechanical polishing up to a final 1 μm diamond particles
step, followed by chemical polishing for 5 to 10 s using a solution of 4.2 g picric acid, 10 mL acetic acid,
10 mL H2O, and 70 mL ethanol.

The as-received plates were subjected to FSP under different processing and cooling conditions.
The tool to perform FSP was made of an MP159® nickel-cobalt base alloy and it comprises a scrolled
shoulder 9.5 mm in diameter and a concentric threaded conical pin with flutes 4.7–4.1 mm in diameter
and 1.8 mm in length. The as-received WE54 alloy in the T6 condition was processed by FSP with
a special emphasis on high processing severity to obtain the finest possible grain size. In order to
achieve the above-mentioned high severity, the material was processed using low rotation rate (ω)
and high traverse speed (v) to minimize the heat input (HI), which can be estimated as HI ∝ ω2/v.
Such an approach is convenient for industrial applications, since we decrease the processing time.
Furthermore, the sheets were firmly mounted on two different backing plates, one made of steel and
the other one made of copper. The latter contains a series of cavities where liquid nitrogen flows to
increase the cooling rate. The liquid nitrogen applied flow rate was such that the upper surface of the
copper backing anvil reached −60 ◦C, facilitating a high heat extraction during FSP and restricting any
possible grain growth. The temperature of the steel backing plate was room temperature. The different
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processing conditions, characterized by the traverse speed, v, and the rotational speed, r or ω, and its
nomenclature are given in Table 1. The specific cooling conditions are named “refrigerated” and
“non-refrigerated” for the copper and steel backing plates, preceded by the letter R or N, respectively.

Table 1. Nomenclatures and values of the friction stir processing (FSP) conditions.

ω (rpm) v (mm/min) HI (rpm2/(mm/min)) Nomenclature

1400 500 3920 N or R14r05v

1000 500 2000 N or R10r05v

1000 1000 1000 N or R10r10v

The six sets of processing conditions, selected following a logarithmic increase in the severity,
were named N14r05v, N10r05v, N10r10v, and R14r05v, R10r05v, and R10r10v.

Constant crosshead speed tensile tests (CCST) initially at 10−2 s−1 were used to characterize the
mechanical behavior of the alloy. In addition, strain rate change tests (SRCT) in tension ranging from
10−1 to 10−5 s−1 were performed to characterize the high temperature (300–450 ◦C) behavior. The tests
were performed in air using an Instron 1362 universal testing machine equipped with a four-lamp
ellipsoidal furnace. Planar dog-bone tensile samples with 6.5 × 2 × 1.7 mm gage area dimensions
were electro-discharge machined so that their longitudinal axis was parallel to the extrusion or FSP
direction, as shown in Figure 1. The tensile samples were mirror-polished in their upper surfaces
to a final thickness of 1.6 mm to monitor their changes after tensile testing at various temperatures.
The true strain, ε, is calculated as ε = ln(1 + e), where e = (l − lo)/lo, lo is the initial gage length and l is
the instantaneous length. The true stress is defined as σ = F/Ao (1 + e), where Ao is the initial section of
the sample and F is the supported load during tensile testing.

 
Figure 1. Geometry and orientation of machined tensile samples of the FSPed WE54 Mg alloy.

3. Results

3.1. Microstructures

Figure 2 shows an orientation-imaging map of the as-received WE54 Mg alloy. The micrograph,
taken in the L plane, reveals equiaxed grains of diameters in the range 50 to 250 μm. A description of
similar microstructures is given elsewhere [14–16].
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Figure 2. Orientation-imaging map (OIM) obtained by electron back-scattered diffraction (EBSD) of the
as-received WE54 Mg alloy, T6 condition.

Figure 3 shows orientation-imaging maps of the WE54 alloy (EBSD inverse pole figure maps) after
FSP of the 10r10v material, (a) non-refrigerated and (b) refrigerated.

Figure 3. Orientation-imaging maps of the WE54 alloy (EBSD inverse pole figure maps) after FSP in
the conditions (a) N10r10v and (b) R10r10v.

The grain size values of the R10r10v and N10r10v materials, which correspond to the most severe
FSP condition, measured by Feret diameters, are 0.9 and 1.3 μm, respectively. As is evident from
comparing Figures 2 and 3 (please note the different scale, 500 vs. 10 μm), a huge refinement has been
attained by severe processing of this magnesium alloy.

3.2. Tensile Tests to Rupture of WE54 Alloy Processed by FSP

Figure 4 shows stress–strain curves at initial strain rates of 10−2 s−1 and various temperatures of the
WE54 alloy processed by FSP under three processing conditions and two cooling conditions, refrigerated
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and non-refrigerated. Two different behaviors can be distinguished, one at low (high stresses and low
ductility) and another one at high (low stresses and high ductility) temperatures, with a transition
temperature around 250–300 ◦C. The low temperature regime (25–200 ◦C) shows very similar low
tensile ductility values < 25% for all samples and high stress values, which decrease slightly with
increasing temperature in this interval. On the contrary, the high temperature interval (350–450 ◦C)
shows very large tensile elongations (as high as 726%), and very low stress values. This contrast
between low and high temperature behavior increases with increasing processing severity and with
the use of refrigeration. The transition temperatures (250–300 ◦C) are also affected by refrigeration
and processing severity. For the non-refrigerated conditions, at 300 ◦C the ductility values increase
noticeably with increasing severity, while for the refrigerated conditions, the increasing ductility
is observed from 250 ◦C for the two most severe processing conditions. Additionally, the largest
tensile ductility value is observed for all conditions at 400 ◦C, accompanied by very low stress values.
At 450 ◦C, the stress values increase and the ductility values drop, which indicates changes in the
deformation mechanism.

Figure 4. Stress–strain curves of materials processed by FSP and tested at an initial strain rate of
10−2 s−1 at temperatures from 25 to 450 ◦C, non-refrigerated (N, left) and refrigerated (R, right).

Table 2 gives the mechanical parameters of all the curves presented in Figure 4. It is remarkable
the high elongation values reached at 400 ◦C for all materials under all conditions at this high strain
rate. A maximum elongation to failure of 726% is observed for the R14r05v material. Nonetheless,
very high values of 562, 593, 599, 664, and 666% are also obtained for the rest of the conditions at
400 ◦C. It is also interesting to note that very high elongations are also obtained at 350 ◦C and in some
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conditions at 300 and 450 ◦C. However, at 450 ◦C, there is a clear loss of ductility with respect to 400 ◦C,
which is attributed to massive grain growth, and will be discussed in depth in the next section.

Table 2. Yield stress (σ0.2), flow stress (σ), uniform elongation (eu), and elongation to failure (eF) at
different test temperatures of the alloy WE54 processed by FSP and tensile tested at 10−2 s−1.

Condition T (◦C) σ0.2 (MPa) σ (MPa) eu (%) eF (%)

20 195 335 21 22
150 165 288 15 17
200 205 281 13 14
250 146 197 18 24

N14r05v 300 111 141 12 46
350 63 78 7 107
400 26 33 17 666
450 21 22 2 98
20 220 336 19 24

150 213 318 22 24
200 218 312 21 24
250 224 255 21 26

N10r05v 300 138 140 8 61
350 60 73 8 210
400 12 17 69 664
450 26 28 1 166
20 230 355 23 27

150 223 324 21 24
200 219 305 18 22
250 194 247 23 39

N10r10v 300 90 120 7 107
350 32 43 14 198
400 6 14 76 562
450 22 24 1 169
20 203 327 22 24

150 194 306 20 23
200 179 290 21 25
250 195 282 20 25

R14r05v 300 148 200 26 101
350 60 81 6 226
400 16 23 10 726
450 20 23 3 222
20 248 354 17 20

150 213 282 13 14
200 231 292 13 15
250 179 223 27 89

R10r05v 300 71 90 7 420
350 23 28 7 512
400 6 15 96 599
450 29 30 0.4 345
20 270 375 20 22

150 209 319 19 21
200 230 283 11 15
250 159 209 25 94

R10r10v 300 75 94 8 166
350 26 35 7 440
400 6 12 97 593
450 22 23 0.6 265

Figure 5 shows curves of the elongation to failure at 10−2 s−1 as a function of temperature for the
WE54 alloy after FSP under various conditions. For comparison, data from the as-received material
in the T6 condition (not subjected to FSP) are included in the figure [17]. The ductility continuously
increases with temperature and a strong peak is observed at 400 ◦C. At this temperature, the ductility
values for all samples are around 700% with a maximum of 726% observed in the R14r05v material.
It can also be observed that at 250–350 ◦C, the tensile ductility values of the refrigerated conditions
(continuous lines) are higher than those corresponding to the non-refrigerated ones (dashed lines).
At 450 ◦C, the elongation to failure drastically drops, pointing to a change in the deformation mechanism
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as a result of grain growth. This peak and the subsequent drop do not exist in the non-processed WE54
material, since the ductility increases continuously up to the highest temperature of 450 ◦C [17].

Figure 5. The elongation to failure as a function of temperature for the FSP WE54 alloy tested at 10−2 s−1.

Very low stress values are also observed at high temperatures in most of the tensile tests in the
range 350–450 ◦C. The flow stress, σ, as a function of temperature at 10−2 s−1, is represented in Figure 6.
Again, for comparison, data from the as-received material in the T6 condition (not subjected to FSP)
are included in the figure [17]. The figure shows a moderate decrease in the stress with temperature
up to 200 ◦C. Above this temperature, the stress strongly drops. The same behavior is observed
for all FSP and cooling conditions. The highest stress value at room temperature is given for the
material processed under the most severe condition, and refrigerated, R10r10v. On the contrary, at high
temperatures, this material shows the lowest stress values. It should be noted the slight stress increase
at 450 ◦C, which is attributed to rapid grain coarsening of all our WE54 processed materials at such a
high temperature. This behavior can be compared with that of the material without FSP [17], for which
the increase at 450 ◦C does not exist and the curve continuously decreases from 250 ◦C.

Figure 6. The flow stress as a function of temperature for the FSP WE54 alloy tested at 10−2 s−1.
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3.3. Surface Morphology of Samples after the Constant Strain Rate Tests

The surface morphology of the tested samples gives a clear hint of the underlying microstructures,
especially under superplastic conditions for which sliding of the grains is clearly visible. Figure 7
presents those SEM micrographs after testing at 10−2 s−1 for the 14r05v materials under the two cooling
conditions. Similar microstructures are obtained for the other two processing conditions, 10r05v and
10r10v. Fine grains are depicted in all cases except at 450 ◦C. Before testing, the Feret diameters were
about 0.9 and 1.3 μm for the refrigerated and non-refrigerated materials, respectively. These grain
sizes are similar to those tested at 250 ◦C, for which deformation is small. Larger grains are observed
in samples deformed at higher temperatures attesting grain growth during testing. At 350–400 ◦C,
clear hints of grain boundary sliding are observed with the grains sliding against each other, as shown
in Figure 7. This fine microstructure is able to attain very large elongations, 726% at 400 ◦C, at high
strain rate, as shown in Figure 5. At 450 ◦C, the microstructure is unstable, tending to grow quickly
so that most of the grains become too large to withstand superplastic deformation for most of the
FSPed microstructures.

 

Figure 7. SEM micrographs of the topography of samples tested at 10−2 s−1 at various temperatures for
the processing condition 14r05v, non-refrigerated (N, left) and refrigerated (R, right).

3.4. Strain Rate Change Tests

Figure 8 shows data from the strain rate change tests performed in the range 300 to 450 ◦C at
strain rates from 10−5 to 10−1 s−1 for all processing conditions and two cooling conditions. The slope
of the curves corresponds to the apparent stress exponent, n. A low n value of about 2 is usually
observed at low strain rates and high temperature, which is typical of superplastic materials where
grain boundary sliding controls deformation. The increase to higher n values at high strain rates and
lower temperatures in these materials is usually attributed to a change into slip creep as the controlling
deformation mechanism. As observed in Figure 8, there is a gradual decrease in stress values (from as
high as 200 MPa at 300 ◦C to as low as 1–2 MPa at 400 ◦C) and n values (towards 2 at 400 ◦C) with
increasing testing temperature, for all samples. At 350–400 ◦C, there is a wide interval of high strain
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rates for which the FSPed alloys show low n values close to two, which can be associated to GBS of the
ultrafine grains. Although the high temperature behavior of the different samples appears to be quite
similar, some hints show that there is an influence of the processing severity and refrigeration on the
superplastic response, which will be highlighted in the discussion section. The anomalous behavior
at 450 ◦C is noticeable, for which their stress values should be lower than those of 400 ◦C; however,
most of them are even higher.

 
Figure 8. (a–f) Strain rate as a function of stress obtained by strain rate change tests for the six FSP
processing conditions, non-refrigerated (N, left) and refrigerated (R, right).

Regarding the activation energy, only an estimation can be provided since there is no constant
value of stress exponent and the microstructure is constantly coarsening. For instance, a rough
evaluation has been made in the R14r05v material between 300 and 400 ◦C at 40 MPa, in the range of
low n values, that gives a value of about 180 kJ/mol, somewhat higher than the activation energy value
associated with lattice diffusion, QL. However, negatives values (without any physical meaning) are
found when trying to obtain an activation energy value between 400 and 450 ◦C, associated with a
change in the deformation mechanism.

4. Discussion

The present study makes evident the need to understand the influence of FSP conditions and
the resulting microstructure on the wide range of deformation behaviors of the materials processed
at different rates and cooling conditions. Figure 6 shows the high resistance at low temperatures,
which is a result of the severe grain refinement due to the strategy of imposing high severity processing
conditions. This is reached by a combination of low rotation speed, minimizing the frictional heat
generation, and by increasing the traverse speed to ease a quick heat dissipation, minimizing the
process temperature and reducing grain growth just after the tool pass [18–20]. The Hall–Petch law
predicts an increase in the stress with decreasing grain size, at low temperature, as occurs for the
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processed material, but other factors such as the grain size distribution, refinement of the second phases,
and the presence of elements in solid solution may also influence this behavior [21]. On the other hand,
the figure also shows the rapid decrease in the stress above 250 ◦C for all materials, and especially, in the
processed materials. This rapid stress drop with increasing temperature is attributed to the start of a
creep behavior that is mainly controlled by diffusional processes. These diffusional processes generally
involve the ability of dislocations to bypass the obstacles. These obstacles are usually overcome through
a climb mechanism, but, in the presence of solutes, an interaction among dislocations and solutes may be
controlling as well. Additionally, when the material presents small, equiaxed, and highly misoriented
grains, another diffusionally accommodated mechanism may take control of the creep behavior under
certain strain rate and temperature conditions, which is GBS in the so-called superplastic window.
The three possible mechanisms differ in their microstructural evolution, and stress and ductility values
at high temperature. The solid solution creep mechanism brings higher stresses due to the reinforcing
solute–dislocation interactions, and showing elongated grains parallel to the imposed deformation.
On the contrary, the GBS mechanism yields easy deformation at much lower stresses than those of
dislocation-based creep mechanisms and the morphology of grains does not change even after very
large deformations, remaining equiaxed and highly misoriented. The ductility obtained by GBS is
usually much higher than for any other mechanism, in parallel to the much lower creep stresses
measured during high temperature deformation. Additionally, the smaller the grain size, the larger
the ductility, the lower the creep stress, and the higher the strain rate sustaining GBS. This is the reason
underlying our strategy to process the material severely, in order to obtain the finest microstructure as
possible [18–20].

As shown clearly in Figure 6, the six processed materials present much lower stress values than
those of the as-received WE54 magnesium alloy, at high temperature, up to a minimum value at 400 ◦C.
The stress values can be as low as a factor of four, which is very useful for the industrial forming of
complex parts. This behavior corresponds to a different deformation mechanism than that operating in
the non-processed as-received alloy.

Another feature important to note in Figure 6 is the increase in the stress at 450 ◦C in the FSP
materials at which the microstructure coarsens significantly (Figure 7). Therefore, the mechanism
controlling deformation at high temperature is one depending on grain size. In contrast, the material
not subjected to FSP does not show such behavior which is an indication that, at high temperature,
the controlling mechanism is different from that of the processed materials. Indeed, the behavior of the
as-received material was attributed to a solute-drag slip creep mechanism [17,22], as a rate-controlling
process which is grain size-independent. Correspondingly, Figure 5 clearly shows the rapid increase in
the elongation to failure from 20 to 400 ◦C and their high values, much higher than those corresponding
to the as-received material, up to about 700%, typical of a grain boundary sliding mechanism for which
the ductility is sensibly dependent on grain size [23–25].

In addition, a homogeneous equiaxed microstructure is present after deformation, up to 400 ◦C,
as shown in Figure 7, and a low stress exponent, close to 2, is obtained, as shown in Figure 8. This figure
also shows very low stress values, which corroborate the strong decrease in stresses above 300 ◦C
shown in Figures 6 and 8. This evidence points clearly to the grain boundary sliding mechanism as the
one controlling deformation. The high strain rates where n is still close to 2 at temperatures above
300 ◦C are remarkable. This wide range of strain rates is associated to the fine grain size obtained by
severe friction stir processing of the WE54 Mg alloy, around 1 μm at the start of testing. At 300 ◦C
and above 10−2 s−1, a typical power law region is observed with n values higher than 5, pointing to a
dislocation creep mechanism at lower temperatures. At 450 ◦C, for which the microstructure strongly
coarsens, as revealed in Figure 7, a change back to a dislocation creep mechanism is taking place.

The various graphs of Figure 8 from strain rate change tests corresponding to the six processed
materials show similar behavior. A relatively large range of strain rates and temperatures is found,
where n is about 2 and, therefore, superplastic properties can be expected in such a large window,
even at strain rates as high as 10−1 s−1 at the highest temperatures. This behavior corresponds to a
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GBS mechanism, as the processed alloys possess ultrafine, equiaxed, and highly misoriented grains,
the stresses are low, and the ductility values are very high. In the range of low temperature and high
strain rates, a change towards dislocation creep is observed, increasing the values of the stress exponent,
as expected, and corroborated by Figure 6, as well. Another interesting feature revealed in these graphs
is the behavior at 450 ◦C. As grain coarsening is taking place rapidly during testing at this temperature in
the processed alloys, the stresses are higher than expected, and they even cross the lines corresponding
to the data at 400 ◦C, showing higher stress exponents. In fact, as shown in Figure 8c,d,f, there is an
abrupt change in slope at 450 ◦C at low strain rates because increasing coarsening is leading the behavior
of the ultrafine processed alloy towards the behavior corresponding to a coarse-grained alloy. Effectively,
the solute-drag slip creep mechanism, characterized by a stress exponent of 3, was demonstrated to occur
in the same WE54 material that was not severely plastically deformed by FSP and had a coarse grain
size [17]. Since the sample tested at 450 ◦C showed large grain growth, it is reasonable to assume that
the sample is in the process of changing mechanisms from GBS to solute-drag creep. This is especially
important during deformation at the lowest strain rates, where the sample remains at this temperature for
a long time. Due to the continuous grain coarsening at high temperature, even extreme at 450 ◦C, leading
to a change in deformation mechanism, it is difficult to obtain a true activation energy value associated
with the high temperature creep of the processed alloys. In the range 300–400 ◦C, an approximate
value of 180 kJ/mol is obtained for the activation energy for creep in the R14r05v material, although
in the range 400–450 ◦C, the value becomes negative, without physical meaning, due to the change in
deformation mechanism. Temperature-dependent activation energy values were also found for a similar
fine-grained Mg–Y–Nd alloy [26]. However, the value obtained, although slightly high, is not far from
that corresponding to lattice self-diffusion of magnesium, 135 kJ/mol [27,28], and may be regarded as
typical of reinforced magnesium alloys. In summary, between 300 and 400 ◦C, the materials deform by a
GBS mechanism and at 450 ◦C, the ultrafine-grained alloys coarsen their microstructures rapidly and
change their superplastic behavior towards a solute drag creep mechanism, as the initial, unprocessed
coarse WE54 alloy [17].

Figure 9 gives a comparison of the curves at 300 and 400 ◦C between the two cooling conditions,
non-refrigerated and refrigerated, for the N10r10v and R10r10v materials. It is observed that the
refrigerated material, the most severely processed one, is less resistant at both temperatures, which is a
result of the finest grain size obtained. This means that at 300 ◦C, there is already an influence of grain
size on stress values, corroborated by Figure 6. Additionally, the ductility values are also much higher
for the processed alloys than for the unprocessed initial WE54, as observed in Figure 5, at 300 ◦C,
thus showing that it is at about this temperature from which the start of deformation controlled by
grain boundary sliding can be attributed.

 
Figure 9. Comparison of FSP WE54 10r10v materials, refrigerated (R) and non-refrigerated (N).
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An important aspect that influences the creep behavior of FSP materials is the severity of the
processing. Figure 10 shows strain rate versus stress curves at 400 ◦C for the refrigerated materials with
different processing conditions. As mentioned before, the severity of the processing increases following
the order 14r05v < 10r05v < 10r10v. The figure shows that the stress decreases at an imposed strain
rate, or conversely, the strain rate at a given stress increases in the same order, according to the applied
processing severity. This favors the forming process, which is a consequence of the microstructure
refining with increasing severity. Therefore, it can be concluded that processing severity is an important
factor that influences the creep behavior of the WE54 magnesium alloy by achieving ultrafine grain
sizes which allow for superplasticity at higher strain rates. Similarly, a low heat input applied to a
Mg-9Li-1Zn alloy has also been successful to obtain ultrafine grains [29]. Furthermore, the ultrafine
grain sizes obtained also improve the resistance of the WE54 alloy at room temperature.

Figure 10. The strain rate as a function of stress at 400 ◦C for the refrigerated materials with different
processing conditions to show the influence of the processing severity.

5. Conclusions

1. Friction stir processing under highly severe conditions was successfully applied to the coarse
WE54 alloy, so that refinement of the coarse precipitates and fine equiaxed grains was obtained.

2. The processed materials showed fine grains of the order of 1 μm and exhibited excellent high
strain rate superplasticity at temperatures between 300 and 400 ◦C, and strain rates even higher
than 10−2 s−1. This behavior contrasts with the higher resistance and lower ductility of the
unprocessed WE54 Mg alloy.

3. Large elongations, with a maximum of 726%, were achieved at 400 ◦C and 10−2 s−1. Additionally,
low stress and stress exponent values associated with grain boundary sliding are obtained,
which were lower the higher the processing severity. Beyond 400 ◦C, the elongations rapidly
decreased as a consequence of microstructure coarsening.

4. At 450 ◦C, a transition of mechanisms occurs from grain boundary sliding to solute drag creep
as the microstructure coarsens. This last mechanism is the operative mechanism of the coarse
unprocessed alloy at high temperatures.

5. Severe friction stir processing has been proven to be a method of obtaining ultrafine grains in Mg
alloys and, thus, producing materials of high resistance at low temperatures, and easy to form
superplastically at high temperatures and high strain rates.
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Abstract: The evolution of the microstructure changes during hot deformation of high-chromium
content of stainless steels (martensitic stainless steels) is reviewed. The microstructural changes taking
place under high-temperature conditions and the associated mechanical behaviors are presented.
During the continuous dynamic recrystallization (cDRX), the new grains nucleate and growth in
materials with high stacking fault energies (SFE). On the other hand, new ultrafine grains could
be produced in stainless steel material irrespective of the SFE employing high deformation and
temperatures. The gradual transformation results from the dislocation of sub-boundaries created
at low strains into ultrafine grains with high angle boundaries at large strains. There is limited
information about flow stress and monitoring microstructure changes during the hot forming of
martensitic stainless steels. For this reason, continuous dynamic recrystallization (cDRX) is still
not entirely understood for these types of metals. Recent studies of the deformation behavior of
martensitic stainless steels under thermomechanical conditions investigated the relationship between
the microstructural changes and mechanical properties. In this review, grain formation under
thermomechanical conditions and dynamic recrystallization behavior of this type of steel during the
deformation phase is discussed.

Keywords: martensitic stainless steels; microstructure changes; hot deformation

1. Introduction

Martensitic stainless steels (MSS) are a family of alloys composed mainly of iron,
chromium (Cr), and carbon (c) as main elements [1]. MSS have a martensitic crystal
structure in the hardened condition [2]. They are ferromagnetic, treatable and have better
corrosion resistance comparing to other types of stainless steels (SS). Chromium (Cr) in
these steels is usually 10.5–18% weight percentage (wt %) with a higher percentage of
carbon (C) in comparison to ferritic steels [3–5]. The specific amount of C and Cr is used to
ensure the formation of a martensitic structure after a complete cycle of heat treatment [6].
In MSS, an adequate Cr amount is needed to provide corrosion resistance, which is achieved
by the formation of a chromium oxide film on the surface [7,8]. The steel requires at least
11 wt % Cr to have stainless characteristics. On the other hand, the austenite phase cannot
be stable in steels with more than 10.5% Cr. For this reason, carbon, nitrogen, nickel, and
manganese are added to MSS as austenite stabilizers. In addition, some other elements like
molybdenum (Mo) and tungsten (W) are added to carbide for strengthening the MSS [9]. In
such cases, Mo2C and W2C can improve the strength of MSS. Elements such as titanium and
aluminum are added to the low carbon MSS to promote the precipitation of intermetallics
(IMC), such as NiTi and NiAl [10].

In addition, the high carbon content favors the formation of some carbides with other
elements like niobium, silicon, tungsten, and vanadium, which increase the wear resistance
of MSS. In some cases, small amounts of nickel are added to MSS to improve corrosion
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resistance and toughness [9]. During MSS production, the temperatures in the furnace are
high enough to transform the steel structure into austenite. After cooling treatment in air,
the microstructure of MSS will transform allotropically into the martensite phase [11]. With
different heat treatments, such as quenching and tempering, it is possible to achieve a wide
range of strength (between 275–1900 MPa), wear and corrosion resistance [12]. In 1913,
Harry Brearley invented the first class of MSS that called 410 grades. The 410 is the primary
grade of MSS commercialized and standardized in the 1930s and 1940s [13]. MSS are used
in various applications like surgical instruments, springs, valves, shafts, bearings, turbine
blades, and petrochemical tools [14]. The 410 stainless steel (SS) has evolved through the
years by adding chemical elements to enhance its use in specific applications [15]. Figure 1
illustrates a schematic view of MSS grades with additional elements compared with 410.

 

Figure 1. Development of other grades of martensitic stainless steels (MSS) from the 410 [11].

In addition, the chemical composition of carbide strengthened MSS is presented in
Table 1. The steels in Table 1 are divided into three groups. The first group is the low to
medium C (0.10 ± 0.30 wt %) alloys with approximately 12 wt % of Cr. They are used
in creep resistance applications and also in steel components that require ductile fracture
resistance at high temperatures. The second group is those containing higher levels of C
(0.60–1.2 wt %) and rather large amounts of Cr (16–18 wt %). Higher content of C and Cr is
added in this group to achieve higher hardness and promotion of wear resistance. The third
group is the high chromium cold work die steels (D2 and D7). The high Cr content and
cold working on these steels improve wear and corrosion resistance simultaneously. As
mentioned before, the MSS is usually used in components where corrosion and oxidation
resistance with high strength are required [16]. From a metallurgical point of view, three
types of MSS exist, and their behavior as traditional (first and second types), new or
uncategorized (third type) MSS could be studied [17]. The first type contains specific wt
% carbon (as reported in Table 1) and is strengthened by iron carbide precipitation when
tempered at low temperatures or by alloy carbide precipitation when tempered at higher
temperatures (secondary hardening), as discussed before. The second type contains a
lower amount of carbon and is strengthened by the precipitation of particles of copper
or intermetallic on tempering [18]. Another type is the precipitation-strengthen MSS.
Precipitation strengthened MSS are low-C steels, strengthened by the precipitation of
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second-phase particles, other than alloy carbides, during thermal treatment. Pure copper
particles, NiAl, NiTi, Ni3Ti and Ni3Be, are well-known precipitates in this MSS type [18].
Table 2 presents some grades of precipitation strengthened MSS.

Table 1. Chemical composition of various grades of MSS.

Grade C Mn Si Cr Mo W P V S Ref.

410 0.15 1.0 0.5 11.5–13 - - 0.04 - 0.03 [19]
416 0.15 1.25 1.0 12.0–14.0 0.6 - 0.04 - 0.15 [20]
420 0.15–0.4 1.0 1.0 12.0–14.0 - - 0.04 - 0.03 [21,22]
422 0.23 1.0 0.75 12.0 1.0 1.0 0.04 0.22 - [23]
431 0.2 1.0 1.0 15.0–17.0 1.25–2.00 - 0.04 - 0.03 [24]

440A 0.60–0.75 1.0 1.0 16.0–18.0 0.75 - 0.04 - 0.03 [25]
440B 0.75–0.95 1.0 1.0 16.0–18.0 0.75 - 0.04 - 0.03 [26]
440C 0.95–1.20 1.0 1.0 16.0–18.0 0.75 - 0.04 - 0.03 [27]
D2 1.50 0.3 0.25 12 1.0 - - 1.0 - [28]
D7 2.35 0.4 0.4 12 1.0 - - 4.0 - [29]

8Cr13MoV 0.775 0.458 0.333 14.68 0.213 - 0.031 0.182 0.004 [30]

Table 2. Chemical composition of precipitation MSS grades.

Grade C Co Cu Cr Si Mo Ni Al other Ref.

PH15-5 0.04 - 3.0 15 - - 4.7 - 0.20 Nb [29,31]
PH7-17 0.04 - - 17.06 0.385 - 7.2 1.06 0.674 Mn [32]

Custom 450 0.04 - 1.5 11.5 - - 8.5 - 0.7 Nb [33]
PH17-4 0.07 - 3.5 16.5 - - 4.0 - 0.3 Nb + Ta [34,35]
PH13-8 0.03 - - 12.6 - 1.7 7.9 1.0 - [36]

Custom 465 0.02 - - 11.8 - 1.0 11.0 - 1.7 [37]
Custom 455 0.05 - 2.0 11.5 - 0.5 8.5 - 1.1 [38]

SM2Mo 0.02 - - 12.59 0.42 1.90 5.01 0.0062 [36,39,40]
SM2MoNb 0.022 - - 12.91 0.41 2.05 5.16 0.0043 [41–43]

Pyromet X-15 0.01 20 - 15 - 2.9 - - - [11]
Pyromet X-23 0.03 10 - 10 - 5.5 7.0 - - [11]

2Cr13 0.18 - - 12.86 0.39 - 0.12 - 0.53Mn + 0.002S [44]
00Cr13Ni5Mo2 0.013 - - 12.97 0.18 2.04 4.92 - 0.59 Mn + 0.001S [44]

18Cr-5Ni-4Cu-N 0.06 - 4.13 17.63 0.86 2.11 5.55 - 0.08 Nb + 0.13 V + 0.41 N + 0.025 P [45]

The third type corresponds to those MSS, which are strengthened by the precipitation
of both alloy carbides and intermetallic. The chemical composition of this group (3rd type)
involves the combined precipitation of NiAl and alloy carbides (secondary hardening). This
type has standard high chromium content and alloying combinations that allow quenching
from the austenitizing temperature to obtain an almost completely martensitic structure
with a small amount of retained austenite [18]. Table 3 presents the chemical composition
of 3rd group samples.

Table 3. Chemical composition of intermetallic-carbide-strengthened MSS grades.

Grade C Cr Ni Mo Co V Nb Ref.

AFC77 0.15 14.5 - 5 13.5 - - [46]

AFC260 0.08 15.5 2.0 4.3 13.0 - - [13]

HSL 180 0.20 12.5 1.0 2.0 15.5 - - [11]

CSS-42L 0.13 13.8 2.1 4.7 12.5 0.60 0.04 [11]

Metal forming (metalworking) consists of deformation processes in which a metal
billet or blank is shaped by the action of tools or dies. The design and control of such
processes or final products depend on the base material’s characteristics, the conditions
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at the tool/workpiece interface, the mechanics of plastic deformation (metal flow), the
equipment used, and the finished product requirements [47]. Among various metals
and alloys, stainless steel is favorable for industries due to its excellent properties and
reasonable price. Hot metalworking is one of the major technologies used to produce
stainless steel products. In this process, the stainless steel as raw material is in billet, rod,
or slab form, and the surface-to-volume ratio in the formed part increases considerably
under the action of primarily compressive loading [48,49]. Rolling, skew mills, ring rolling,
forging, draw benches for tube and rod, and extrusion are samples of manufacturing
processes that form stainless steels in hot condition. Among metallurgical changes of
metallic materials, dynamic recrystallization (DRX) is very crucial to the microstructural
evolution during hot deformation of alloys with low, medium, and high stacking fault
energy (SFE) [50,51]. This phenomenon changes the microstructure substantially through
nucleation and growth of new strain-free grains at the expense of pre-existing ones [52,53].
The DRX is of critical importance from the industrial viewpoint because it reduces the
stored strain energy, and the corresponding softening effect decreases the required force to
shape a workpiece. Taking advantage of DRX to decrease the required energy for shaping
a product and avoiding plastic instabilities or premature fracture is quite a practical way in
different industrial manufacturing processes [6]. In addition to this, DRX often contributes
to improving microstructure, thereby refining the grain structure and improving the final
product’s mechanical properties. For a careful design of the hot working process, having
in-depth information about a material’s dynamic recrystallization behavior is essential [54].
There is sufficient literature about DRX phenomena in stainless steel during hot forming,
but there is not comprehensive literature or review about DRX in martensitic stainless
steels during how working. Based on the mentioned underlying phenomena, this review
article’s aim is a deep understanding of DRX in MSS from an experimental point of view.

2. Hot Formability of MSS

Generally, hot working refers to the temperature of mechanical processing that is
above half of the melting temperature (Tm) of base metal. Being above 0.5 Tm decreases
yield strength and hardness and increases the ductility of metallic materials [55]. From
a metallurgical point of view, the plastic deformation above the metal’s recrystallization
temperature is called hot working (forming) [56].

From the manufacturing processes point of view, metal forming is divided into two
main groups: sheet metal forming and bulk metal forming. One of the main parameters to
find specific material that the specific process can form is workability or formability test.
There are several kinds of formability tests in sheet metal forming. Uniaxial and multiaxial
tensile tests in various temperatures are a well-known approach to find the formability of
sheet metals. The formability limitation, mechanical properties, and prediction of fracture
during sheet metal forming are accessible by formability test results.

On the other hand, in bulk metal forming, like forging, extrusion, coining, rolling, and
stretching, another type of workability test is implemented—this type of test is called a hot
compression test. The dimension of raw materials and applied stress concept informing
process are the main results that caused researchers to use hot compression test in the
laboratory. The compression stress for the flow of materials is the primary stress used in
bulk metals forming like hydrostatic forging, orbital forging, skew rolling, tube forming,
extrusion, and even solid-state additive manufacturing hot conditions. Some research
has been done to develop new workability tests for materials in bulk scale, but so far, the
primary test for formability (workability) of metallic materials, especially steel, is the hot
compression test.

Various forming processes of metals, like forging, rolling, drawing, and extrusion, can
be done in hot conditions [57]. In order to understand the behavior in hot conditions of
metallic materials, such as MSS, hot compression tests are usually carried out to characterize
hot workability (formability). This test consists of isothermal tests in a wide range of
temperature and strain rates. This experiment is pervasive and well-known in laboratories
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and industry [58]. The sample is heated up to the desired temperature (near the actual
temperature of considered hot forming). It remains at the temperature for a specific period,
and after this, the compression test is carried out on the sample while the high temperature
is maintained. At the final stage, the piece is quenched to ambient temperature as a real
situation in the industry [59].

The temperature, duration time of heating, and heat treatment could vary depending
on both the chemical composition of the steel and the forming process (various strain rates)
studied. For the test, a cylindrical specimen with a specific section and height is machined from
the as-received bar. First, the sample is heated using a constant heating rate until the highest
temperature of the test campaign is reached. This temperature is then maintained for a certain
time to ensure homogeneity and, after this period, it is cooled down to the test temperature.
Then the isothermal compression test is carried out at various temperatures and strain rates.
There are standards for testing procedures like ASTM-E209 (standard practice for compression
tests of metallic materials) that can be used [60]. The result is the flow stress behavior of the
material under different plastic deformation conditions. Figure 2 shows an example of a hot
compression test setup that was employed for various MSS. As seen, the heating rate, heating
period, and deformation time (strain rate) are different.

 

Figure 2. (a) Schematic representation of hot compression test and (b) illustration of the testing machine [61].

3. Dynamic Recrystallization of MSS under Hot Deformation

The word recrystallization usually refers to the replacement of a deformation mi-
crostructure by new grains [62,63]. The process of recrystallization during heat treatment
is called static recrystallization (SRX) [64,65]. SRX (primary recrystallization) is one of the
most studied phenomena, which refers to the nucleation and growth of new grains during
heat treatment [40,66]. The schematic view of this process is depicted in Figure 3.
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Figure 3. Schematic representation of the discontinuous static recrystallization (dSRX) taking place during the annealing of
strain hardened materials [67].

During the early stages of heat treatment, static recovery (SRV) develops recrystalliza-
tion nuclei as fine dislocation-free crystallites. In the early stages of heat treatment, the
development of recrystallization nuclei development is started. In this stage, the recrystal-
lization nuclei are fine dislocation-free crystallites. The nuclei grow by the distant migration
of the boundaries, which consume the strain-hardened microstructure. In the early-stages
of SRX, the nuclei are outlined by low angle boundaries (LAGBs), the misorientations,
of which gradually increase until they attain values typical of high angle boundaries
(HABs) [68,69]. During heat treatment, the microstructure is a mixture of recrystallized
and strain hardened grains. This type of microstructure is known as discontinuous static
recrystallization (dSRX) [70]. Alongside, the sub-boundary misorientation (θ) increases
gradually till all the low-angle boundaries (LABs) are transformed into HABs, and this
type of microstructure remains homogeneous all over. This structure is referred to as in
situ or continuous static recrystallization (cSRX). SRX occurs to strain hardened metals
heated above approximately half of their melting point (~0.5 Tm). During hot forming
processes, the material is heated up before the process, and after its deformation, it tolerates
another thermal cycle as heat treatment. For this reason, a billet could have partial SRX in
its microstructure before starting the hot process [70].

At high strains and temperatures above about 0.5 Tm (as a hot deformation require-
ment), the new grains appear at the nucleation strain and then completely replace the
initial microstructure. This mechanism is called dynamic recrystallization (DRX). DRX
phenomena are acknowledged as an important feature to restore the ductility of those
materials, which are being work hardened during the deformation process. DRX allows
large deformation in the material without crack or damage appearance [71,72].

Typically, DRX is favored by high temperatures and low strain rates and is also
acknowledged as a grain refinement mechanism under most forming conditions. A new
grain structure appears after DRX by the formation and migration of high-angle grain
boundaries, promoting the grain refinement of the deformed alloy [67,68]. The DRX has
three main subgroups that consist of discontinuous dynamic recrystallization (dDRX),
continuous dynamic recrystallization (cDRX) and geometric dynamic recrystallization
(gDRX) [54,73–76]. The dDRX has two main phases, namely, nucleation and growth
stages [77]. The dDRX occurs by means of bulging mechanisms. Increasing deformation
leads to fluctuations in the grain boundary, leading to the formation of serrations and
bulges that eventually transform into new strain-free grains [78–80]. It consists of grain
bulging, dislocation rearrangement, and boundary movement [81].

During plastic deformation, the dislocations glide and climb to form sub-grains by
dynamic recovery (DRV) [82]. Dislocation motions prepare new grains nucleation. In

118



Metals 2021, 11, 572

this phase, the bulges without or with a few dislocations are surrounded by accumulated
dislocations. After that, the bulges separate to generate nuclei in the early stages of
dDRX [83]. Nuclei are high-energy sites that pin the movement of the dislocations. In
the final stages of deformation, the nuclei grow until original grains are replaced by finer
recrystallized grains. There is a slow transformation of the sub-grains mainly formed in the
vicinity of the boundaries into nuclei delineated by HABs and referred to as discontinuous
dynamic recrystallization (dDRX) [84]. The dDRX is rarely reported in high chromium
MSS during hot deformation. This type of recrystallization (dDRX) is common in low
and medium stacking-fault energy (SFE) steels, and MSS are in the category of high SFE
materials [85]. The schematic view of dDRX is depicted in Figure 4.

 
Figure 4. Schematic illustration from the development of new grains during dDRX [86].

The cDRX directly changes the orientation of sub-grains and forms new grains [87,88].
The cDRX steps consist of cell structure formation, sub-grain rotation and increasing of
the misorientation, and conversion of grains from LAGB to HAGB [89]. During cDRX,
dislocations are generated and rearranged to form LAGB sub-grains boundaries and
newborn grains surrounded by HAGB. The cDRX is very common in high stacking-fault
energy (SFE) materials like MSS.

In gDRX, during hot deformation with large deformation, substantial grain refinement
occurs via grain elongation and thinning. Grain elongation and thinning increase the grain
boundary area dramatically [90–93]. The grain boundaries become serrated as a result of LAGB
(sub-grain) formation [94]. This behavior compresses grains serrations on opposite sides that
lead the grains to collapse each other, causing grain fragmentation [95]. Both gDRX and the
cDRX have the same features, which are continuous growth of HAGB area and absence of
nuclei [96]. At the same time, gDRX usually occurs due to large deformations when the grains
are extremely elongated and thinned by grain migration [97,98]. The schematic view of cDRX
and gDRX is shown in Figure 5a,b, respectively.
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Figure 5. Schematic illustration from the development of new grains during (a) cDRX and (b) geometric dynamic recrystal-
lization (gDRX) [86].

From a metallurgical aspect, the hot formability of an MSS is generally limited by
the generation of various deformation defects [99]. At the same time, Dynamic recovery
(DRV) and dynamic recrystallization (DRX) impede the accumulation of defects. Thus, the
DRX and DRV are the softening mechanisms during hot forming that allow the formability
of MSS and prevent defect formation [4,67]. Only a few small dynamic recrystallization
grains are distributed along the grain boundary, whereas most deformed microstructures
usually are composed of dynamically recovered grains. DRV is a unique flow softening
mechanism that plays a softening role in counter-balance of the work hardening. As
mentioned, the microstructure behavior is related to the temperature and strain rate. At
high-temperature deformation of MSS, the necklace structure is formed by fine grains
originated in the recrystallization at the elongated grain boundaries. It is reported that, at
low-temperature and high-strain rate (in adiabatic deformation situation of MSS), different
shear forces are created in diverse parts of the sample [100]. In such case, the dislocations
are stuck on the interface of grain boundaries, and inhomogeneous grain distributions are
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developed [101]. Inhomogeneous grain distributions lead to internal shear force, which
causes a flow localization band during hot deformation. The flow localization is an induced
instability, which is undesirable for mechanical properties [102–104]. Figure 6 shows the
different microstructure of 14% Cr at various temperatures and strain rates in adiabatic
hot deformation situations. The microstructure evolution mechanism of 14% Cr MSS at
different strain rates and temperatures during hot compression deformation can be divided
into six regions. Partial DRX represents the region in which the DRX occurs partially, and
full DRX represents the region in which the DRX occurs entirely. Flow localization occurs
in the unstable region, and the grains are elongated in the DRV region [105]. During the
hot compression test, when the strain rate decreases and the temperature increases, the
MSS is placed in an unstable region. From a formability point of view, the undesirable
microstructure forms at unstable regions due to the plastic flow localization. The plastic
flow localization occurs when during hot compression of MSS, the adiabatic temperature
rises at low-temperature and strain rate increases. This type of temperature strain rising
in the unstable area causes different shear forces in diverse parts of the specimen. In this
case, When the deformation temperature rises, the average grains become coarse after
hot compression. It indicates that the power dissipation of microstructure evolution is
dominated by recrystallization grains during hot deformation.

 

Figure 6. The microstructure evolution mechanism of 14% Cr MSS during deformation condi-
tions [105].

Some research has been done to monitor cDRX with imaging of microstructure at vari-
ous strains [32]. It is shown that the original microstructure of the 17-7PH MSS is austenite
matrix (γ) with the coaxial ferrite phase and δ ferrite. Figure 7 shows the microstructure of
deformed 17-7PH MSS samples at 950 ◦C and strain rate of 0.01 s−1 at strains of 0.15, 0.3,
0.45, and 0.6. It is shown that the γ grains and δ islands have almost remained equiaxed at
low strains (0.15). In the middle of this sample, work hardening region as the serrated grain
boundaries detected that indicate the progress of DRV in the substructure. The appearance
of serrated grain boundaries at low strains is a sign of fast DRV in the 17–7PH MSS. Some
small grains, presumably due to DRX, are appeared around the original grain boundaries
and the necklace structure in the early stages of recrystallization not observed.
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Figure 7. Microstructure of deformed samples at 950 ◦C and strain rate of 0.01 s−1 to strain of (a) 0.15, (b) 0.3, (c) 0.45 and
(d) 0.6 [106].

The absence of necklace structure indicates that the probability of dDRX, which occurs
through the nucleation and growth of new grains almost at prior grain boundaries, is very
weak in this steel [106]. The number of new cDRX grain has increased as deformation
continues, and the matric and δ islands are elongated perpendicular to the compression
direction. The new grains are observed inside the elongated original grains and along
the grain boundaries. With increasing strain, decomposition and combination of the
subgrain boundaries could lead to the formation of HABs, which are the result of the rapid
growth of the sub-grains during hot plastic deformation [107,108]. As the deformation
continues and the strain increases to the number of recrystallized grains increases again.
At high strain, the dissociation of original grains by the cDRX grains has progressed, and
the fraction recrystallization increased. In this alloy, some islands of original deformed
grains were detected that revealed that the microstructure of a PH7-17 has not been fully
recrystallized even at high strain during the hot compression test. In the same case, if the
strain rate increased, the progress of DRV decreased at low strain, which is responsible for
the formation of serrations on the grain boundaries. The reduction of deformation time
due to the increase in the strain rate has probably led to a limitation of diffusion and the
difficulty of dislocation’s motion. The weakness of DRV at a higher strain rate possibly
retards the evolution of sub-grains and, therefore, postpones cDRX [106].

Figure 8 shows the microstructure of 12% Cr MSS after 0%, 25% and 50% hot com-
pression [57]. The original austenite in base metal has disappeared, while there is a high
number of small sub-grains formed with an increase of deformation. The gDRX has been
observed at elevated temperatures where sub-grain boundary formation has been observed.
The gDRX is detected during hot deformation at a very high strain [81,95,109]. After gDRX,
the initial grains of the sample are fragmented into the new smaller grains with HABs. With
gDRX, the HAB area can dramatically increase at high stacking fault energy (SFE) metals,
but not in the same way as cDRX [110]. The cDRX includes the sub-grains boundaries’
misorientation. The misorientation of sub-grains by cDRX is just a few degrees and much
lower than HABs. The sub-grain boundaries are mobile and annihilate with other bound-
aries decreasing the sub-grain size throughout large strain hot deformation [111–113]. In
cDRX, sub-grains transform into new grains within the deformed original grains. When
the dislocations accumulate progressively in LAGBs, the formation of HAGBs proliferates,
leading, consequently, to an increase of misorientation [112]. Deformation conditions like
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temperature and strain rate determine the number of sub-grains and stored energy after
hot forming.

 

Figure 8. (a) Initial microstructure of 12Cr USC rotor steel, microstructure of rotor steel at 1050 ◦C/0.01 s−1 with different
deformations (b) 0%, (c) 26%, (d) 50% [57].

In the hot forming of MSS at a low strain rate, DRV is the main softening phenomenon
because there is enough time for dislocation to climb and cross-slip [114]. Low-angle grain
boundaries are formed by the migration of dislocations and have a lower energy state [115].
Generally, during hot deformation of MSS at low-temperature and high strain rate, only a
few DRX grains form along the boundaries, whereas most deformed microstructures are
DRV grains. The local bulging of grain boundaries is frequently observed as the initial
step to the nucleation of DRX, which is often termed as strain-induced grain boundary
migration (SIBM) [116]. From an industrial point of view, DRX is very important since it is
a common microstructural phenomenon during the hot forming processes of MSS [117].
For the industrial hot forming process, determining the required strains for the initiation
and completion of DRX is necessary. It is almost proved that during hot forming, the
build-up of dislocation density reaches a critical value from which grain boundaries start
to bulge through SIBM [117]. Quite close to the peak strain (critical strain) of the DRX
flow curve, SIBM happens [118]. Locally bulged boundaries sweep away dislocations
and cause a drop in the work hardening rate under the control of dynamic recovery [119].
After the critical point, the local bulges in boundaries grow to occupy the prior boundaries
and form the necklace structure at the peak [120]. The kinetics of DRX beyond the peak
determines the strain required to reach the steady-state flow. It is, therefore, evident that
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the critical peak and steady-state strains are essential in characterizing the DRX behavior
of a particular alloy.

In most MSS, hot deformation is performed in the stable region of the austenite phase,
where DRX is the dominant microstructural modifying mechanism [120]. Therefore, it can
be a desirable process to take advantage of DRX to refine the microstructure of austenite
and to prevent deformation defects prior to the transformation into martensite [121]. The
softening due to DRX results in a flow stress decrement after work hardening, leading to a
steady-state regime associated with the dynamic balance between work hardening and flow
softening [122]. The steady-state flow dominated by the occurrence of DRX prevents the
formation of plastic instabilities and results in microstructural modification [106,123,124]. In
MSS, the distance between the partial dislocations is short, and for this reason, during hot
forming, the cross-slipping of dislocations happens easily. The dislocation migration prompts
the annihilation and rearrangement of dislocations, which can decrease the dislocation density,
lower the amount of stored energy and eventually retard DRX [115]. This leads to DRV forms
during hot forming. Also, at different strains, elongated and recovered grains can be seen in
MSS microstructures. Increasing the strain during hot forming is advantageous to drop the size
of the average substructure and refine the MSS microstructure. This emanation results in an
increase in dislocation density and in the number of LAGBs, which is beneficial to reduce the
average substructure size and to refine the microstructure. On the other hand, the dislocation
migration can be promoted by increasing the temperature during the deformation process [125].
The microstructure changes during the hot compression test of AISI 420 steel is depicted in
Figure 9.

 
Figure 9. (a) Initial microstructure and typical microstructures of AISI 420 martensitic stainless steel deformed at a true
strain of 0.7 under different conditions: (b) 1223 K, 0.1 s−1, (c) 1273 K, 10 s−1 and (d) 1373 K, 10 s−1 [61].
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The micrograph of base metal revealed coarse austenite grains with 158 μm size. At
the deformation temperature of 1223 K and strain rate of 0.1 s−1, the original coarse austen-
ite grains are elongated, and some sub-grains are formed along boundaries (Figure 9b).
Microstructure investigation revealed that the DRX is insufficient and incomplete in high
strain rate (10−1), and partial DRX or DRV was detected as the primary deformation mech-
anism. Some serrated grain boundaries, together with local bulges, were observed on the
newly formed boundaries. The reason may be that the grain boundary (or deformation
band) has a larger driving force and more nucleation sites for DRX. It seems that the
larger density of dislocation in the corresponding regions is the root of this phenomenon.
Figures 8d and 9c show the typical microstructures of the deformation twin phenomenon,
deformed at the strain rate of 10 s−1 and the deformation temperature 1273 K, 1373 K,
respectively. The deformation twin phenomenon may be that the grain deformation and
grain boundary sliding are inhibited by the low-level dynamic recovery [61].

The obtained microstructure at different thermo-mechanical regimes of stable defor-
mation during hot forming of 410 MSS shows an equiaxed appearance of original austenite
grains extracted from the final martensitic structure, which implies the occurrence of DRX.
It is very well documented that grain size remains almost unchanged at strains over the on-
set of steady-state flow. The steady-state grain size, also known as DRX grain size, increases
with temperature, decreasing with strain rate. This demonstrates that DRX grain size is
almost independent of the initial grain size. Therefore, different models are recommended
to express the dependence of DRX grain size to processing parameters incorporated in the
Zener–Hollomon parameter (Z). Thus, concluded that DRX grain size depends on the Z
parameter and is almost independent of the initial grain size so that the DRX grain size
decreases with an increase in the Z [126].

Kishor et al. studied the characteristics of 13Cr-4Ni microstructure during hot de-
formation [62]. The optical microstructure of ASR 13Cr-4Ni martensitic stainless steels
before the deformation is shown in Figure 10a, consisting of a full-lath martensite struc-
ture. According to the achieved results, after the hot deformation, all the microstructures
predominantly exhibited a martensitic structure for all the deformation conditions. Mi-
crostructural evolution after hot deformation was characterized to validate the occurrence
of DRX and to confirm the stable and unstable regions. Uniform grain growth and small
equiaxed grains along the grain boundaries were observed at the deformation conditions
of 1000 ◦C, 0.001 s−1 and 1050 ◦C, 0.1 s−1, as can be seen in Figures 9c and 10b, respectively.
These features demonstrate the occurrence of DRX that was achieved by optimum hot
working domains. For 950 ◦C, 0.1 s−1 deformation condition (Figure 10d), the microstruc-
ture revealed partially recrystallized features (seen as equiaxed grains) and remaining
recovered structure (seen as inhomogeneous distribution of grains). This is representative
of the incomplete softening mechanism during 950 ◦C, 0.1 s−1 deformation condition.
Microstructure in Figure 10e corresponding to the instability region 900 ◦C, 10 s−1 revealed
localized flow structure and shear bands (marked by arrow) due to the absence of steady-
state behavior. It also shows refined grains formed due to recrystallization within the
bands. According to the processing map, this condition is located in the instability region.

Microalloying of MSS can change the DRX during hot deformation. The standard
and well-known element in MSS is niobium (Nb) that has an intense effect on DRX. The
microstructure changes of MSS micro-alloy during the hot compression test are shown in
Figure 11. The initial microstructure was a completely coarse equiaxed austenitic grain
structure. At a low strain rate, the austenite grains were elongated, and DRX was not
detected. Many Nb precipitates with lamellar shape appeared alongside the austenite
grain boundaries. With increasing temperature, the precipitates along grain boundaries
decreased, and a small amount of DRX with fine grains formed in hot deformed areas. It
is proved that a high density of dislocations could be produced during the martensitic
transformation and distribution of a large number of nanosized precipitates [127].

125



Metals 2021, 11, 572

 

Figure 10. Optical micrographs of (a) as-received MSS, and hot deformed specimens exhibiting dynamic recrystallization
(DRX) at the deformation conditions of (b) 1000 ◦C, 0.001s−1, (c) 1050 ◦C, 0.1s−1. Incomplete restoration characteristics are
observed for deformation condition of (d) 950 ◦C, 0.1s−1. Instability features are observed in (e) 900 ◦C, 10 s−1 specimen [62].

 

Figure 11. Microstructures of 15% Cr MSS deformed with a strain rate of 0.005 s−1 at temperatures of (a–c) 1223 K, (d–f)
1273 K [127].
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Restoration mechanisms in metals during hot work have been one of the main issues
in recent decades. In most cases, DRV has been reported as the only restoration mechanism
for alloys with high stacking fault energy [128,129]. Besides, in metals and alloys with
high SFE, cDRX occurs instead of dDRX. cDRX plays a prominent role in producing finer
grains through hot deformation [3–5]. This mechanism mostly occurs in low carbon ferritic
steels and even to some extent in austenitic stainless steels as well as MSS [130]. Generally,
ferritic microstructures prefer the work softening by an extended DRV, resulting in cDRX
at higher applied strains [88,131]. Dynamic restoration leads to an increase in the density
of dislocations at LAGBs, thereby transforming them into HAGBs [132]. It accepted that
sub-grains might rotate to the point that the adjacent sub-grains reach a similar orientation
due to boundary diffusion processes [133]. In this case, already existing LAGBs will be
deleted [11]. These sub-grains will combine and convert to larger subgrains. The driving
force necessary for this process will be obtained by decreasing the surface area of LAGBs
in unit volume [134].

4. Analysis of MSS Flow Stress under Hot Deformation

Metals flow stress graph relates strain, strain rate and temperature. Many mechanical
or metallurgical parameters could change the results of flow stress. The addition of alloying
elements in MSS could increase the flow stress value and reduce the hot workability.
The properties of stress–strain graph are determined by the deformation temperature,
strain rate, microstructural, and the final crystallized grain size. Generally, the flow stress
decreases with increasing temperature and increases with increasing strain rate at a constant
parameter during compression test [77].

During hot deformation of MSS, three types of flow stress graphs have been reported
that indicate that there are cDRX and DRV [135]. In the first case, during high-temperature
plastic forming, the flow stress graph shows a continuous increase until reaching saturation
stress. This behavior, depicted in Figure 11a, indicates a steady state of flow, which is
the result of strain hardening decrease during deformation. In these cases, DRV is the
main restoration process during hot deformation [136]. This type of graph is usually seen
during hot deformation of MSS with low strain rates (ε < 1), and it is justified by the
fact that the softening produced by DRV is able to balance the strain hardening rate. In
the second case, which is referred to as the dDRX phenomenon, the flow stress graph
in high-temperature compression shows a gradual increase until it reaches a stress peak
(Figure 12). Then with increasing strain, the flow stress decreases until a steady-state
trend. In exceptional cases, some decreasing peaks of heights form before the steady-state
behavior. During straining (from starting point and before reaching peak stress), the graph’s
increase is the result of new grains appearance, which leads to softening due to decreasing
the rate of work hardening. After the peak stress, the steady flow stress is the result of the
dynamic equilibrium existing between strain softening and strain to harden. This dynamic
equilibrium is the result of new grains formation with grain boundary migration. The third
type of graph is obtained at high strain rate (5−1) experiments. In these cases, DRV occurs
in the substructures at the early stage of straining and sub-grains misorientations till they
attain HAB values [84,87,112,135]. During the hot forming of MSS, the relation between the
DRV rate and the grain boundaries migration velocity determines the formation of dDRX
and cDRX. With increasing temperature, the critical strain for the dDRX decreases, which
leads to a reduction in metal grain size [135,137]. The addition of elements in MSS during
production can affect the flow stress during hot deformation. For example, Niobium (Nb)
precipitates effectively postpone or inhibit DRX in MSS. During hot deformation, Nb atoms
impose solute dragging force on the moving dislocations and grain boundaries.
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Figure 12. Obtained stress–strain curves after the hot compression test of MSS that shows (a) DRV in 17% Cr MSS, (b) dDRX
in 12% Cr MSS and (c) cDRX in 14% Cr MSS [105]. (d,e) hot tension curves of 13CrMoNbV steel at temperatures in the
range of 1100 ◦C–1275 ◦C (dr 1). Microstructure of the tensile samples’ fractured surface after deformation at (f) 1100 ◦C, (g)
1150 ◦C and (h) 1200 ◦C [138].

In another type of hot testing, a hot tensile test has been done on 13CrMoNbV steel.
The engineering stress–strain curves of the steel at various temperatures are depicted in
Figure 12d,f [138]. The increasing temperature decreased the engineering stress during
the tensile test, similar to the hot compression behavior. On the other hand, the ultimate
tensile strength values increase with decreasing temperature. The 13CrMoNbV steel shows
high values of plasticity in the range of 1100 ◦C–1275 ◦C [138]. The fracture surface of
tensile samples consists of traces of intensive deformation before failures, such as micro-
voids, dimples, and sharp crests. The fracture surface becomes more heterogeneous with a
temperature increase from 1100 ◦C to 1200 ◦C. The dimples’ size increases with increasing
deformation temperature due to a more intensive plastic deformation and the coalescence of
micro-voids during a longer deformation process at high deformation temperatures [139].

5. Precipitates and Dislocations

Generally, the martensitic matrix of MSS contains precipitates after thermo-mechanical
processing. Depending on the strain rate and temperature, the size of precipitates and
also morphologies of obtained martensite after transformation could be different [140].
During thermo-mechanical processing of MSS, the probability of nanosized precipitates
formation and density of dislocations increase. During the hot working, the martensitic
matrix changes to martensitic blocks, and the blocks are further divided into several parallel
laths [141–145]. TEM images of martensitic lath and precipitates in 403Nb steel after hot
working are shown in Figure 13. The small-block and martensitic lath are detectable in
the TEM images. The large carbides (thick black arrows), nanosized MX carbides (thin
black arrows), and undissolved precipitates (white arrows) arisen during solid solution
treatment are detected [146]. The big carbides that mostly had M23C6 chemical composition
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precipitated along with the martensite lath and blocks. This carbide type is regularly
detected in conventional 9–12% Cr steel [147–149].

 
Figure 13. (a,b) TEM images showing the martensitic lath of 403Nb steel after thermomechanical treatment, (c) TEM images
showing the MX carbides precipitate of 403Nb steel [141].

NbC, Cr2N, M23C6 carbides are detected in precipitation MSS grades [45]. In this type
of MSS, the increase in strain rate rapidly increases the deformation energy in unit time,
which leads to quick dislocation movement, accumulation, entanglement, and plugging,
which makes the kinetic recovery and recrystallization incomplete [150]. Because of the
solid solution in steel, nitrogen retards the growth of the detrimental intermetallic phase,
and the precipitation of nitride and M23C6 causes hardening of the grain boundary [151].
With increasing hot compression test temperature, the atomic kinetic energy increases, and
the thermal deformation is more easily activated. Simultaneously, dynamic recrystallization
nucleation becomes easier, and the high-temperature dynamic recrystallization process
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is accelerated. These two factors greatly accelerate the softening process and reduce flow
stress. In Cu-bearing MSS, the degree of dynamic recrystallization is tremendous, and for
starting DRX lower strain rate is needed. In this type of MSS, the CrN and Cr23C6 phases
were detected during hot compression, strengthening the grain boundary and significantly
affecting the strain limit of the material [152].

The fine MX carbides are distributed mainly within that lath and along boundaries.
In some cases, deformation-induced phase transformation caused an increase of disloca-
tion density in the martensite and induced a concentration of dislocations at the bound-
aries [153]. During the hot forming, the piling up of dislocations on the boundaries creates
internal stress concentration [154]. Furthermore, the number of dislocations in martensite
lath boundaries increased. Therefore, the density of dislocations near the transformed lath
is much higher than in the initial martensite matrix [155,156].

During the hot compression test of MSS, the metal atoms can diffuse sufficiently
at a low strain rate, which is advantageous for the occurrence of dynamic recrystalliza-
tion [157]. At low strain rates, the longer DRX times make it easier for recrystallized grains
to grow [158]. Further, a lower strain rate results in less coarse energy obtained by metal
deformation. Consequently, the recrystallization driving force decreases accordingly, and
the area where recrystallization can occur also decreases simultaneously [159]. In precipita-
tion MSS grades, carbides at grain boundaries have hindered the movement of dislocations,
grain boundary slip, and metal recrystallization growth. During hot compression test,
at low-temperature and low strain rate, these carbide remains in the microstructure of
MSS, but at a higher temperature and high strain rate, the carbides at grain boundaries
gradually dissolved into the matrix [160]. On the other hand, at the high-temperature
compression test, it is shown that during the high strain rate hot compression test of MSS,
the number of carbides at grain boundaries was reduced [161]. This phenomenon indicated
that strain is greater than the time effect on dissolving of carbides. This issue can be used
in the processing efficiency of MSS [162]. The carbide precipitates dissolved at the grain
boundaries, thereby weakening the pinning effect on grain boundaries, and consequently,
DRX was easier to occur in precipitation MSS grades at a higher temperature [163].

6. Summary and Further Investigation

The main contributions of the experimental characterization of dynamic recrystal-
lization of martensitic stainless steels during hot deformation are analyzed in this paper,
focusing on its applicability to bulk forming operations.

The experimental technique mostly used for the characterization of MSS workability
in hot forming conditions is the hot compression test, as for most metals. Flow stress
behavior of the material under different plastic deformation conditions are obtained, as
well as relevant information of grain evolution that has been used for understanding DRX
phenomena. There are three types of DRX: discontinuous, continuous and geometrical.
In the dDRX, dislocation motion and accumulation favor new grain nucleation at grain
boundaries leading to a new finer cell structure. It is rarely reported in high chromium MSS
during hot deformation since it is related to low and medium stacking-fault energy (SFE)
steels, and MSS are in the category of high SFE materials. The cDRX directly changes the
orientation of sub-grains and forms new grains. During cDRX, dislocations are generated
and rearranged to form LAGB sub-grains boundaries. The cDRX is very common in high
stacking-fault energy (SFE) materials like MSS. Finally, gDRX is a mechanism of grain
refinement by grain elongation, thinning, and fragmentation. gDRX and the cDRX have the
same features, which are continuous growth of HAGB area and absence of nuclei. These
types of grain refinement added to the analysis of stability have been recurrently studied
in the literature reviewed for different grades of MSS.

Regarding the analysis of MSS flow stress during hot deformation (at temperatures
above 0.5 Tm), it has been found that DRV and DRX phenomena counteract strain hardening
and lead to strain softening at large strains. In MSS, as high SFE materials, deformation is
controlled mainly by DRV, especially at low strain rates (

.
ε < 1 s−1). During hot forming,
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the redisposition and annihilation of dislocations readily happen over DRV, leading to
the formation of subgrains. DRV and cDRX cause strain-softening of MSS during hot
deformation. In cDRX, a critical strain is needed to nucleate new grains and HABs are
formed during high strain deformation conditions. These new grains contain high densities
of dislocations. The grains structure after cDRX is nearly homogeneous.

In addition, the presence of precipitates, main carbides of different compositions (NbC,
Cr2N, M23C6) and Cr compounds (CrN and Cr23C6) cause hardening of the grain boundary,
facilitates the activation of thermal deformation and ease the nucleation of the DRX process.
As a result, an acceleration of the softening process and a reduction of flow stress are usually
observed in MSS under high-temperature forming conditions due to precipitations. Despite
the significant effort made in studying the microstructural structures of MSS produced
by DRV and DRX reviewed here, some notable features remain to be explained. First, the
application of cDRX to microstructure control in MSS grades does not consider allotropic
transformations. Second, the effects of the continuous multiphase hot bulk metal forming
on the DRX of MSS have not been considered. In hot bulk metal forming, the sub-DRX
and microstructural changes could be interesting. Third, the deformation twinning role in
producing cRDX grain refinement is also an interesting contribution for the future.
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Abstract: Inconel®718 is a well-known nickel-based super-alloy used for high-temperature appli-
cations after thermomechanical processes followed by heat treatments. This work describes the
evolution of the microstructure and the stresses during hot deformation of a prototype alloy named
IN718WP produced by powder metallurgy with similar chemical composition to the matrix of
Inconel®718. Compression tests were performed by the thermomechanical simulator Gleeble®3800
in a temperature range from 900 to 1025 ◦C, and strain rates scaled from 0.001 to 10 s−1. Flow curves
of IN718WP showed similar features to those of Inconel®718. The relative stress softening of the
IN718WP was comparable to standard alloy Inconel®718 for the highest strain rates. Large stress
softening at low strain rates may be related to two phenomena: the fast recrystallization rate, and the
coarsening of micropores driven by diffusion. Dynamic recrystallization grade and grain size were
quantified using metallography. The recrystallization grade increased as the strain rate decreased,
although showed less dependency on the temperature. Dynamic recrystallization occurred after the
formation of deformation bands at strain rates above 0.1 s−1 and after the formation of subgrains
when deforming at low strain rates. Recrystallized grains had a large number of sigma 3 boundaries,
and their percentage increased with strain rate and temperature. The calculated apparent activation
energy and strain rate exponent value were similar to those found for Inconel®718 when deforming
above the solvus temperature.

Keywords: Inconel®718; hot deformation; Gleeble; recrystallization; flow modelling approach

1. Introduction

Inconel®718 nickel-based superalloy is well known for its high mechanical and creep
resistances. It presents high fatigue resistance at high temperatures and is suitable for
use in corrosive environments [1]. These characteristics of Inconel®718 allow its use in a
wide application range, such as in the aeronautical and energy production industries [2,3].
The alloy is used in aerospace engines, where creep resistance at the service temperature is
required [4]. The most well-known feature that makes Inconel®718 very attractive for its
best mechanical properties is the presence of different types of precipitates [5]. The alloy
presents four distinct phases: the FCC matrix γ, and the precipitates γ’, γ” and δ. The γ’
phase is Ni3(Al,Ti) with a cubic (L12) crystal structure; the γ” phase has a composition
Ni3Nb and bct (D022) crystal structure; and the δ phase is described by Ni3Nb and has
an orthorhombic (D0a) crystal structure [6,7]. The first two precipitates are responsible
for the hardening effect, while the δ phase can be used to control the grain size, thus
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improving hardness and ductility [8]. The material can be cast and forged or produced by
powder metallurgy (PM). Nickel-based superalloys produced by this technique have shown
high fatigue resistance, hot-corrosion resistance, high-temperature mechanical properties,
and high oxidation resistance up to 900 ◦C [9]

Inconel®718 is also characterized by being a material with low stacking fault en-
ergy [10]. During hot deformation, dynamic recovery (DRV) due to the annihilation and
arrangement of dislocations into subgrain boundaries is fast overcome by the formation of
new grains due to discontinuous dynamic recrystallization (dDRX) [11]. In the initial stages
of deformation, dislocation multiplication results in strain hardening. In low stacking fault
energy alloys, DRV hardly proceeds due to the restricted movement of dislocations and
their decomposition into stable partial dislocations [12]. The material undergoes dDRX at
strains over the critical strain by the formation of nuclei and their growth by the movement
of the high-angle grain boundary [13,14]. In the specific case of Inconel®718, it the forma-
tion of annealing twins during recrystallization is widely accepted. It is reported that twins
with boundaries type ∑3 are promoted at higher temperatures and lower strain rates [15].
The main restoration process during forging is dynamic recrystallization (DRX), which, in
competition with the DRV, reduces the stored energy [16,17]. However, it is precisely after
hot forming at an industrial scale where meta-dynamic (mDRX) and post-dynamic (pDRX)
recrystallization play an important role in nickel-based superalloys, especially at high strain
rates [18]. The final microstructures then depend on the deformation parameters, such as
temperature, strain, and strain rate, and also on the material history after deformation.

The presence of solutes and precipitates reduces the mobility of dislocations and
boundaries in general. The most well-known temperature–time transformation (TTT)
diagram of Inconel®718 [19] shows that precipitates can be formed before deformation
below 930 ◦C during the soaking time. This precipitation is accelerated if the deformation
is applied before the annealing treatment as shown by Renhof, L. et al. [20]. The solvus
of the δ phase occurs between 990 and 1020 ◦C [21]. Other works [22,23] concluded
that the δ phase can partially dissolve and fracture during deformation. The remaining
particles can further stimulate the nucleation of DRX grains by inducing the generation
and rotation of subgrains. In the presence of δ phase particles, grain growth can be
hindered by the Zener pinning effect [24]. Many studies have been done to characterize the
behavior of standard Inconel®718 alloys under different conditions. The behavior of the
low-temperature deformation is affected by the presence of precipitates, especially of the
δ phase with a solvus temperature between 990 and 1020 ◦C, depending on the chemical
composition [25]. Primary γ’ precipitates can also promote the recrystallization process by
a mechanism called heteroepitaxial recrystallization [26]. In this case, the recrystallized
grains grow with the same crystallographic orientation as the precipitate.

The present work focuses on the study of the behavior of an alloy where the precip-
itation is strongly reduced. In this context, the main objective of the present work is to
describe the hot deformation behavior of a nickel-based superalloy with modified chemi-
cal composition to simulate the behavior of the matrix Inconel®718 without the massive
interaction with δ, γ’ and γ”. The outcome is compared with standard Inconel®718.

2. Materials and Methods

2.1. Materials

The innovative investigated material identified as “IN718WP” is a nickel-based super-
alloy based on the chemical composition of the γ phase of a standard Inconel®718 after
precipitation of the other phases [27]. The precipitation of γ’, γ” and δ phases is therefore
strongly reduced. To achieve this, two main requirements for fundamental deviations
from the chemical composition of standard Inconel®718 were changed. Firstly, Cr and Fe
contents were slightly increased as solid solution strengtheners. Secondly, Al, Ti, and Nb
contents were significantly decreased to avoid the formation of γ”, γ’ and δ phases. C was
kept low to reduce the formation of carbides. With the above-mentioned changes in the
chemical composition, an IN718WP disc of diameter 195 mm was produced by powder
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metallurgy at Voestalpine BÖHLER Edelstahl GmbH (Kapfenberg, Austria). The chemical
composition of the IN718WP (in weight percentage) is shown in Table 1. The nominal
chemical composition of Inconel®718 alloy is included for comparison [28]. Powder metal-
lurgy was used to produce a material with a homogeneous small grain size, avoiding any
grain coarsening expected to occur during upsetting. The hot compression trials studied
here were meant to close the micro-porosity of the as-received condition.

Table 1. Chemical composition of both standard Inconel®718 and without precipitates IN718WP alloys.

Material Elemental Composition (wt.%)

Ni Cr Fe Mo Al Co Si Nb C Mn Ti

IN718WP 50.18 23 22.07 3.71 max
0.28 0.22 0.1 max

0.28
max
0.03 0.1 max

0.03
Inconel®718 50–55 17–21 bal. 2.8–3.3 0.2–0.8 1 0.35 4.75–5.5 0.08 0.35 0.7–1.3

2.2. Compression Tests

Samples of 8 mm diameter and 15 mm length were compressed in the Gleeble®3800
simulator at 5 different strain rates (0.001, 0.01, 0.1, 1 and 10 s−1) and 6 different temper-
atures (900, 925, 950, 975, 1000 and 1025 ◦C), up to a maximum strain of 0.8. A K-type
thermocouple was spot-welded at the surface of the specimen to measure and control
the temperature during the process. The samples were (i) heated by direct resistance at
5 ◦C/s to the selected temperature; (ii) homogenized for 2 min at the same temperature;
(iii) compressed; and (iv) in situ water-quenched with water jets to freeze the microstruc-
ture. Graphite and tantalum foils were used between the edges of the specimens and
the anvils to reduce the effects of friction during hot deformation and to decrease the
temperature gradient along the sample. An Ar atmosphere was used to mitigate oxidation
during the tests. The flow curves obtained experimentally were temperature-corrected to
represent isothermal deformation conditions based on the literature [29,30] as described by
P. Wang et al. [31]. The flow curves were not corrected by friction. Contrary to the tendency
obtained in the work of G. Tan et al. [32] and in many other publications, the largest
barrelling observed in our work occurred at the smallest strain rate. This must be related
to a different mechanism of barrelling, such as wedge cracking promoted by diffusion,
already observed by S.C. Medeiros et al. [33].

The interdependence of peak flow stress σ, strain rate
.
ε and deformation temperature T

was described using semi-empirical equations, as done for Mg alloys by C. Poletti et al. [34]
and for steels by M. El Mehtedi et al. [35]. The analysis of the flow stress at the peak
value was carried out using the universal constitutive equation proposed by Sellars and
Tegart [36]:

Asinh(ασ)n =
.
ε exp(Q/RT) = Z (1)

where A and α are material constants, R is the gas constant (8.314 J/kmol), T is the absolute
temperature, Q is the apparent energy of activation, and n is the stress exponent. The last
term is identified as the Zener–Hollomon parameter Z. The α constant was obtained from
Equation (2):

α =
β

n1
(2)

The coefficients β and n1 are obtained from Equations (3) and (4)

.
ε exp(Q/RT) = A1σ

n1 (3)

.
ε exp(Q/RT) = A2 exp(βσ) (4)

The slope of ln(
.
ε) vs. ln(σ) gives n1, while the slope of ln(

.
ε) vs. σ gives β.
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The power law equation was additionally used for comparison:

APσ
nP =

.
ε exp(QP/RT) = ZP (5)

The subscript p refers to the power law. The power law is useful at low strain rates
and high temperatures (low Z), but it deviates from this relationship at higher Z values.

The relative softening is calculated using the difference of the stress values at the peak
and the stress value at a given strain and divided by the stress at the peak. This relative
softening was then plotted as a function of the strain. Additionally, the relative softening at
0.6 of strain was compared with values obtained from the literature for Inconel®718.

2.3. Microstructure Characterization

The samples were cut in the compression direction at their center, embedded in resin,
ground and polished, and chemically attacked with a mixture of ethanol, hydrochloric acid,
and hydrogen peroxide (75 mL C2H5OH + 33 mL HCl + 3 mL H2O2) for optical microscopy.
The selected samples were observed with an optical microscope provided by the company
Zeiss, and the grain size was obtained following the interception method recommended by
the American Society for Testing and Materials (ASTM) in the norm ASTM E112-12 [37].

Some samples without etching were analyzed with a field emission gun scanning elec-
tron microscope (FEG-SEM) model Mira3 of the TESCAN company (Brno, Czech Republic)
using an accelerating voltage between 18 and 20 kV and step sizes of 0.1 μm (for high
resolution) and 0.7 μm (for lower resolution). A backscattered electron (BSE) detector was
used to identify carbides and pores within the matrix. A Hikari detector provided by EDAX
(AMETEK GmbH, Weiterstadt, Germany) was used for electron backscattered diffraction
(EBSD) to measure the local crystal orientation. OIM Analysis™ software (AMETEK
GmbH, Weiterstadt, Germany) was used to determine the grain size and recrystallization
percentages. Firstly, a cleaning process was applied to the EBSD measurements based
on the CI (confidence index) standardization and neighborhood correlation. The follow-
ing parameters were used: grain tolerance angle of 15◦, a minimal grain size of 2 pixels,
and a CI higher than 0.9. Recrystallized grains were identified by two features: a grain
boundary angle larger than 15◦ and a grain orientation spread (GOS) smaller than 2.5 [38].
The average recrystallized grain size was obtained out of these criteria and the recrystal-
lization fraction was obtained by dividing the area covered by the recrystallized grains
with the inspected area (120 μm × 200 μm). Due to the formation of annealing twins
during dynamic recrystallization (DRX), the reconstruction of the grains was performed
once, considering all high-angle grain boundaries (with twins), and the second time by
considering the annealing twins Σ3 and Σ9 to belong to the grain (without twins). Finally,
the recrystallized grain size ∅RX was correlated with the Zener–Hollomon parameter,
rearranging the equation presented by G. Shen et al. [39] for a Waspaloy as follows:

ln Z = B + C ln∅RX (6)

where B and C are materials constants.

3. Results

3.1. Initial Microstructure

The initial microstructure of the as-received material was characterized by a mean
grain diameter (without twins) of 20.4 μm. The microstructure showed annealing twins,
as identified with the optical microscope in Figure 1a,b. Light optical images also showed
the presence of micropores at some grain boundaries and carbides with sizes smaller
than 1 μm decorating the grain boundaries. Micropores are typical features in powder
metallurgy products [40]. Apart from the carbides, no other precipitates were detected,
even at high resolution (Figure 1b,c). Additionally, Fe-rich regions were observed regularly
in the sample with sizes between 60 and 100 μm (see Figure 1d,e), due to a lack of Fe
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mixing in the matrix during the sintering process. These Fe-rich regions occupied 1.25% of
the volume.

Figure 1. Microstructure of the as-received material: (a) light optical micrographs showing grains with annealing twins,
carbides decorating some boundaries (light) and pores (black); (b) SEM picture in backscattered electron (BSE) mode
showing a pore and no precipitate within the matrix; (c) SEM picture in BSE mode showing annealing twin carbides and
pores (in black); (d) SEM micrographs in BSE mode; and (e) the corresponding EDS map, showing the grains of based
material and the Fe-rich regions, respectively. The percentages are shown in (f).

The measured hardness of the as-received material was 199 HV, a value lower than
the standard Inconel®718 alloy after solid solution treatment (245 HV), and much lower
than the values of the standard Inconel®718 alloy after heat treatments (up to 500 HV) [41].

3.2. Flow Curves

The experimental flow curves corrected by temperature are shown in Figure 2.
The curves present the typical characteristic of DRX: a single peak up to the peak stress,
preceded by a rapid rise [18]. After the peak had been reached, the stress drops reached
steady-state flow stress and suggested that recrystallization was not completed for all
deformations. The strains at which the peak stress values are reached are a function of the
temperature and the strain rate. The higher the temperature and the slower the deforma-
tion, the smaller the strains to start (just before peak stress) and finish (flow steady-state)
the recrystallization. The increase with a large slope of the stress is a characteristic of alloys
with low stacking fault energy (SFE) [11], such as the nickel alloy studied here.

In the whole temperature range, the peak stress decreased with increasing tempera-
ture and decreasing strain rate. Softening was more noticeable in the flow curves of the
lowest strain rates (0.001–0.1 s−1). The curves corresponding to the highest strain rates
(1 and 10 s−1) showed lower yield stress than the values reported for Inconel®718 at any
temperature [42,43]. At high strain rates and low temperatures, a very small yield strength
was calculated, and two hardening slopes were identified in Figure 2a. These phenomena
could be related to the activity of deformation bands.
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Figure 2. Flow curves of the IN718WP alloy for all strain rates (0.1–10 s−1) at (a) 900 ◦C, (b) 925 ◦C, (c) 950 ◦C, (d) 1000 ◦C,
(e) 1025 ◦C, and (f) 1050 ◦C.

The relative softening was plotted as a function of the strain in Figure 3. This softening
was highly dependent on the strain rate, while the temperature had a negligible influence
on the softening values and the shape of the curves. In general, it can be observed that
at the strain rates between 0.1 and 10 s−1, the hardening part consisted of a curve with
two slopes. Then, the curves reached a minimum, corresponding to the peak stress. This
minimum occurred at higher strains. The temperature plays a secondary role, as observed
for comparison in Figure 4. It can be seen that the temperature has an influence on
the hardening slope and on the strain at the peak stress, where the softening reaches
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zero. The higher the temperature, the lower the strain required to reach this condition.
Furthermore, the softening rate, given by the slope after the zero value, is not influenced
by the temperature at the measured conditions.

Figure 3. Relative softening as a function of the strain during deformation at (a) 900 ◦C, (b) 925 ◦C, (c) 950 ◦C, (d) 975 ◦C,
(e) 1000 ◦C and (f) 1025 ◦C at different strain rates from 0.001 to 10 s−1.

Figure 4. Relative softening showing the influence of the temperature at two different strain rates,
at (a) 0.001 s−1 and (b) 0.1 s−1.
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While the softening at high strain rates is comparable with values in the literature for
Inconel®718 [18,42,43], much larger values of softening are observed at strain rates below
0.01s−1. The softening of the model alloy IN718WP can reach 40% at the lowest strain rates,
and only 5% at the highest strain rate (Figure 5).

Figure 5. Comparison of softening at 0.6 of strain for different deformation conditions compared
with standard Inconel® 718 obtained from the literature (A = [17] red, B = [42] blue, C = [43] green).
The softening values are grouped in regions: grey, the values of the present work for IN718, and red
the values of the literature for Inconel® 718.

3.3. Phenomenological Relationships

The peak stresses were correlated with the Zener–Hollomon parameter using Equa-
tions (1) and (4). The calculated average values of β and n1 calculated from Equations (2)
and (3) were 0.0275 and 60,282, respectively. The activation energy Q = 450 kJ/mol, the
stress exponent n = 4.76, and α = 0.0046 were obtained using the sinh relationship (Equa-
tion (1)). The mean values of n and Q obtained for the creep law (Equation (4)) are n = 6
and Q = 400 kJ/mol. Using the creep relationship, Q has shown to be highly dependent on
the strain rate

.
ε. Figure 6 shows the correlation of the peak stress with the Zener–Hollomon

parameter calculated using both approaches. It can be seen that the correlation provided
with Equation (1) deviates less at higher Z values than the power law (Equation (4)).

The values of the apparent activation energies Q obtained using Equations (1) and (4)
are in agreement with the literature for Inconel®718 [8,23,43–45] (see Table 2) using similar
α values for the sinh equation type. On the other hand, the stress exponents n found in the
literature for Inconel®718 are similar to the value found here (4.76) when deforming above
the solvus temperature. This must be related to a similar plastic deformation mechanism
for both materials. A dependency of n with temperature was reported in the literature
as well ([8,23]). The high values at low temperatures were attributed to the interaction of
dislocations with particles [8]. This observation was in contradiction with the dependency
of n with the temperature [23].
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Figure 6. Correlation of the peak stress values with the Zener–Hollomon parameter using (a) Equation (1) and (b)
Equation (4).

Table 2. Material constant values calculated from Equations (1) and (4) for IN718WP compared the
literature for Inconel®718.

Alloy α [MPa−1] Q [kJ/mol] n Source

IN718WP
0.0046 450 4.76 Equation (1)

- 400 6 Equation (2)

Inconel®718

0.0042 364 4.57 [43]

0.006104 461 3.52 (960 ◦C)
4.23 (1020 ◦C) [23]

NA 467 7.3, 6.3, 5.4 and
5.2

[8] (n varies with
temperature)

0.0054 468 5.2 [44] (at the peak)
0.0054 427.6 4.12 [45] (above solvus)

3.4. Microstructure after Deformation and Damage

The light optical micrographs shown in Figure 7 depict the microstructure after
deformation. Two main features can be distinguished: the presence of DRX grains, and
the presence of damage (pore coarsening). Recrystallization twins are present within new
recrystallized grains, and deformed annealed twins are observed inside deformed grains.
As the strain rate increases and the deformation temperature decreases, the recrystallization
grade is generally lower.

The evolution of the porosity was also studied. Figure 7 shows a larger number of
pores for the lower strain rates. Coalescence and growth of micropores resulting in wedge
cracking were produced favorably at high temperatures and long times of deformation [46].
This effect was also observed in other powder metallurgy-produced nickel-based alloys
deformed at low strain rates [47]. In Figure 7, it can be seen that the damage is particularly
large in the barrelled region due to multiaxial stress condition. On the other hand, the center
of the sample shows much less porosity.

Figure 8 shows the grain orientation spread (GOS) maps of microstructures after
deformation at different conditions of strain rate and temperature. Recrystallized grains
were distinguished from the deformed ones by their level of internal misorientation,
expressed in this case by the level of the GOS value. In general, the higher the strain
rate and lower the temperature, the finer the recrystallized grains, in agreement with the
literature for Inconel®718 [15]. Annealing twins were observed in all the recrystallized
grains, as reported for Inconel®718 [48].
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Figure 7. Light optical micrographs of IN718WP deformed after several conditions: (a,b) 900 ◦C and 10 s−1, (c,d) 900 ◦C
and 0.01 s−1 and (e,f) 1025 ◦C and 0.001 s−1. The pictures correspond to the center of the sample (b,d,f) and the barrelled
area (a,c,e). The micrographs show recrystallized and deformed grains, as well as pores at the center and wedge cracking at
the barreled region.

The results of the recrystallized grain sizes are shown in Figure 9. The tendency shows
that the larger the strain rate and the lower the temperature, the smaller the recrystallized
grain [17]. The exceptions at high strain rates and low temperatures may be due to mDRX
effects. An overestimation of the size occurs when using image analysis of light optical
microscopy samples. Further analysis showed that measured recrystallized grain size at
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the lowest strain rates had a large standard deviation, meaning that there were multiple
stages of the recrystallization happening simultaneously.

Figure 8. Grain orientation spread (GOS) obtained from SEM-EBDS measurements of samples
deformed at several conditions. Grains can be considered as deformed (red and orange) and recrys-
tallized (green, blue, and yellow).

Figure 9. Grain size estimated using different methods: light optical microscopy (LOM), and
scanning electron microscopy–electron backscattered diffraction (SEM-EBSD) without extracting
the twin boundaries (w/twins) and extracting the twins (w/o twins) from the high-angle grain
boundaries (HAGB).
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4. Discussion on the Deformation Mechanisms

This section discusses the evolution of the microstructure and the correlation with the
flow curves for the IN718WP. Furthermore, a comparison with Inconel®718 is conducted,
where the deformation of the matrix takes place without interacting with precipitates.

The details of the microstructures of two samples partially recrystallized are shown
in Figure 10. The grain reference orientation deviation (GROD) maps show the rotation
of the grains, especially markedly close to the grain boundaries, and the formation of
bands. The highly misoriented regions result in a fragmentation of the grains, especially at
high strain rates and low temperatures. This effect corroborates the measurement of the
misorientation cumulating along the deformed grain (see Figure 10c).

Figure 10. Detail of the microstructure of two samples after hot deformation at (a) 900 ◦C and 0.1 s−1 and (b) 900 ◦C and
10 s−1 showing partial recrystallization. Grain reference orientation deviation (min = 0◦ blue; max = 60◦ red). Black lines
represent high-angle grain boundaries (above 15◦), and white lines the low angle grain boundaries. (between 2◦ and 15◦).
The results of the misorientation scan through Line A and Line B can be seen in (c).

The intense crystal rotation shown in the deformed grains for strain rates higher than
0.1 s−1 is further illustrated in Figure 11a,b. The rotation of the grain and the change in the
crystal orientation can be observed in the pole figure (PF) and the inverse pole figure (IPF).
This microstructural aspect is related to the change in the slope during strain hardening
shown in the flow curves Figure 2. The formations of bands at grains and existing annealing
twins have the same amplitude as the serrations formed at all high-angle grain boundaries.
This intense rotation and fragmentation of grains is responsible for the change in the
hardening rate, as observed from the change in the slope of the softening curves up to the
minimum value (Figure 3). A comparison of the microstructure can be observed when
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deformation occurs at low strain rate (Figure 11c). In this example, the non-recrystallized
grains undergo dynamic recovery before recrystallization, thus reducing the stored energy.

Figure 11. High-angle grain boundary maps (black lines) of samples after deformation at (a) 900 ◦C and 10 s−1, (b) 1000 ◦C
and 0.1 s−1 (c) 1000 ◦C and 0.001 s−1 (dynamic recovered grains—DRV are observed). Rotation of the grains can be observed
in the inverse pole figures and pole figures. A1 and A2 refer to the reference axis.

The strain at the peak stress was plotted in Figure 12a. In general, the higher the strain
rate, the larger the strain at the peak stress. The recrystallization percentage shows the
opposite dependency on the strain rate than the strain at peak stress. The temperature has
a negligible effect on the strain at the peak stress at the investigated conditions. Results in
Figure 12 show that the percentage of recrystallization increases as the strain rate decreases
in the 900–1000 ◦C range. Both diagrams have the same outcome: longer tests (slower strain
rate) promote the formation of new grains, because the process is diffusion-controlled.
Regardless of the deformation conditions, a minimum of 50% of recrystallization is always
reached. It was shown that post-dynamic recrystallization pDRX can occur isothermally
within some seconds [49]. Quenching seems to be fast enough to avoid post-dynamic
recrystallization at high strain rates. The delay of 2–3 s as reported by A. Nicolaÿ et al. [50]
was drastically reduced to 0.5 s in this work due to the in-situ water jet system. Therefore,
the higher the strain rate, the lower the recrystallization grade. Concerning the temperature,
lower recrystallization grades were observed at the middle-temperature range. This must
be related with the competition of dynamic recovery and dynamic recrystallization: higher
stored energy is achieved at lower temperatures, competing with the increment of the
mobility of high-angle grain boundaries at high temperatures.

The types of boundaries at deformed and recrystallized grains were analyzed from
the EBSD measurements. The fractions (f) of these boundaries are plotted in Figure 13 and
are compared with the results obtained from the material in the as-received conditions.
The deformed grains present a large number of low-angle grain boundaries (LAGB) due
to lattice rotation and formation of deformation bands at high strain rates, and due to the
formation of subgrains at smaller strain rates. The sigma 3 boundaries are nonexistent
in the deformed grains, due to the progressive transformation of these boundaries into
mobile boundaries [4]. Recrystallized grains show a negligible fraction of LAGB (fLAGB),
and the microstructure mainly consists of a large fraction of HAGB (fHAGB) and sigma 3
grain boundaries (fsigma3) Figure 13.

Finally, the softening rate, identified as the slope of the relative softening from the
peak stress, is plotted in Figure 14. The softening rate is highly dependent on the strain rate,
while a temperature tendency could not be identified. The high values of the softening
rate at low strain rates are a result of the pores coarsening as well as the fast growth of
recrystallized grains without the interaction with any precipitate.
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Figure 12. (a) Strain at the peak stress as a function of the temperature and the strain rate, and (b) recrystallization
percentages of the IN718WP alloy for temperatures (900–1000 ◦C) and strain rates (0.1–10 s−1) based on LOM and SEM
analysis average values.

Figure 13. Fractions of the different type of boundaries: high-angle grain boundary (fHAGB), low-angle grain boundary
(fLAGB); Σ3 (fsigma3) and Σ9 (fsigma9) measured at (a) deformed grains (b) recrystallized grains after different deformation
conditions.
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Figure 14. Slope of the softening region calculated from the softening curves shown in Figure 4.

The correlation of the recrystallized grain size with the Zener–Hollomon parameter
was determined using both the sinh law (Equation (1)) and the power law (Equation (2)),
by Equation (3). The measured grain sizes from EBSD data were analyzed using two
approaches: the grain size as measured, and the grain size after extracting the twin bound-
aries. A linear correlation was obtained in a double logarithmic scale in all cases (Figure 15).
When using the grain size, a slope of 3 was obtained using both approaches (Figure 15a),
while a slope of 3.5 was obtained when extracting the twin boundaries from the grain size
calculation (Figure 15b).

Figure 15. Correlation of the Zener–Hollomon parameter with the recrystallized grain size obtained by EBSD measurements
(a) without taking into account the twins (b) extracting the twin boundaries.
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5. Summary and Conclusions

The material free of precipitates, IN718WP produced by powder metallurgy, was
tested under hot compression to understand the deformation behavior of this nickel-based
superalloy. The following can be concluded:

• The material IN718WP deforms similarly to Inconel®718: after reaching peak stress,
the stresses soften due to DRX;

• Lower stress values and larger softening than Inconel®718 may be related to the lack
of precipitates;

• The relative stress softening is independent of the temperature, meaning that the
growth is only dependent on the strain rate. The large stress softening at a low
strain rate may be related to two phenomena: the fast recrystallization rate, and the
coarsening of pores driven by diffusion;

• The growth rate of recrystallization is only dependent on the strain rate at the de-
formed conditions. This results in larger amounts of Σ3 boundaries within recrystal-
lized grains at high strain rate for a given strain;

• The recrystallization grade %DRX increases from 45% at low strain rates up to 85% at
the slowest deformation;

• The recrystallization grade reaches a minimum of 70% at 950 ◦C due to the competition
of dynamic recovery and dynamic recrystallization occurring at low strain rates;

• Deformation takes place by first increasing the amount of low angle grain boundaries,
while the Σ3 boundaries become mobile and their fraction decreases with deforma-
tion. Recrystallized grains have a large number of Σ3 boundaries, and their fraction
increases with increasing strain rate and temperature;

• The apparent activation energy of 450 kJ/mol found for IN718WP and the strain rate
exponent (n = 4.76) value are in agreement with the values found for Inconel®718 when
deforming above the solvus temperature, suggesting similar deformation mechanisms.
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Abstract: Two different material batches made of random and textured orientated polycrystalline
nickel-base superalloy René80 were investigated under isothermal low cycle fatigue tests at 850 ◦C
for a notched specimen geometry. In contrast to a smooth specimen geometry, no significant improve-
ment in fatigue behaviour of the notched specimen could be observed for the textured material. Finite
element simulations reveal an area along the notch where high stiffness evolves for the textured
material, which lead to nearly similar shear stresses in the slip systems compared to a random
orientation distribution and therefore to no distinct differences in the lifetime.

Keywords: nickel-base superalloy; LCF; grain orientation distribution; texture; resulting shear stress;
polycrystalline finite element simulation; high temperature

1. Introduction

The worldwide demand for the reduction of CO2 emissions during power generation
and the associated increased usage of renewable energy sources has lead to fluctuation
in the power supply and can cause problems with regard to power grid stability. In
particular, the generation of wind and solar power is strongly dependent on the current
weather conditions, which result in volatile energy input into the power grid. In order
to fill in these gaps, gas power plants are used due to their ability to generate power in
short times. Modern gas turbines, as a main part of gas power plants, can be started from
cold to maximum power output in less than 30 min [1]. Due to frequent starts, stops and
load changes from part to full load, the materials in the hot gas section and especially
the turbine blades have to withstand significantly fluctuating mechanical and thermal
loads. Hence, thermo–mechanical fatigue, high-temperature fatigue behavior and creep
effects of the turbine material must be investigated in order to reach high efficiencies with
simultaneous economic design aspects. Since component testing is very complex and
expensive, generally, a standardized specimen of the used material is examined under
high-temperature fatigue conditions. To represent uniaxial stress states, specimens with
cylindrical gauge sections are used; moreover, notched specimens are used to determine the
fatigue behavior of the material under multiaxial stress states as well as stress gradients to
represent complex component structures. Besides experimental material testing, numerical
models are indispensable during the design process in order to predict the deformation and
fatigue behavior under various load and temperature conditions. Based on experimental
observed and measured mechanical material responses, models such as the commonly
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used Ramberg–Osgood or the Chaboche model are used to describe the nonlinear stress
strain relationship for materials under high-temperature conditions [2–4].

Polycrystalline nickel-base superalloys, such as René80, are used as blades or vanes
in the rear hot gas sections of gas turbines with maximum operating temperatures up
to 982 ◦C [5,6]. Due to the conventional vacuum casting process of the turbine blades,
different grains sizes and orientation distributions arise depending on the component
geometry and cooling conditions. Coarse grains and low grain numbers located in highly
stressed component areas in combination with high elastic anisotropies of nickel-base
superalloys lead to large scattering in fatigue lifetimes and mechanical properties [7–9],
which lead to high safety factors for deterministic design approaches. In order to achieve
higher efficiencies for the components, these conservative deterministic lifetime models are
successfully replaced by probabilistic approaches [10–13]. For this purpose, the influencing
factors and their statistical distributions on high-temperature fatigue behavior must be
identified and investigated for the material. Seibel et al. [11,14] investigated the fatigue
behavior of conventionally casted polycrystalline nickel-base superalloy René80 with an
assumed random grain orientation distribution under low cycle fatigue (LCF) conditions
at 850 ◦C. For the same total strains, notched specimen shows a distinct increased fatigue
lifetime compared to the smooth specimen. This can be mainly attributed to the statistical
size effect, where the notched specimen has a significantly reduced highly loaded volume
and therefore the probability of grains which tend to crack initiation is decreased. In
addition, the formation of stress gradients, caused by the notch geometry, lead to decreased
stresses into the bulk material, which could result in lower crack growth rates and therefore
to longer lifetimes compared to cylindrical specimens. For different notch geometries, an
increase in lifetime with an increase of the notch factor could be shown. A similar behavior
could also be proven for different material such as steels [15].

Numerical evaluations in [16], considering the influence of grain orientation on the
mechanical behavior of nickel-base superalloys, reveal a relationship between the local
grain orientation and the resulting shear stress within the slip system, responsible for
plastic deformation. Due to high elastic anisotropies of nickel-base superalloys, the highest
shear stresses for the <111>{110} slip systems were achieved for grain orientations with
corresponding Young’s moduli between 180 GPa and 230 GPa (at 850 ◦C), and Schmid
factors between 0.38 and 0.46 for uniaxial loading cases. Orientations with a maximum
in Schmid factors of 0.5 show distinct lower shear stresses, due to low correlated elastic
properties at around 120 GPa.

Engel, Mäde et al. showed in [17] the influence of the local grain orientation on the
probability of fatigue failure for smooth cylindrical specimen made of polycrystalline
René80 with a random and textured grain orientation distribution. By determining that
the grain orientation depended on the resulting shear stress within the slip systems of
the material by polycrystalline finite element simulation, reliable probabilistic lifetime
predictions could be made for randomly orientated material as well as textured material.
As a fatigue life describing parameter, a modified Schmid factor approach was introduced.
For the nodes of a polycrystalline finite element simulation, the modified Schmid factor is
defined as the quotient of von Mises stress and the resulting shear stress in the activated slip
systems. It could be shown that the determined texture of the investigated material lead to
a lower Young’s moduli for the cylindrical specimen and therefore to lower stresses during
uniaxial strain controlled tests compared to the randomly orientated material. Furthermore,
the texture influences the orientation of the slip system and lead to lower modified Schmid
factors. Thus follows the requirement of higher local stresses in the slip system which
results in a delay in crack initiation whereby higher fatigue lifetimes were achieved.

In addition to the results of different smooth-specimen grain orientation distributions
in [17,18], the following paper investigates the high-temperature LCF behavior of the
same material batch of nickel-base superalloy René80 for a notched specimen geometry.
Isothermal LCF tests at 850 ◦C were carried out for a random and a textured grain ori-
entation distribution, and the lifetimes compared to the smooth specimen from previous
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investigations. To explain the observations and differences in the lifetimes as well as the
variation in mechanical behavior, polycrystalline finite element simulations for notched
geometries were carried out to analyze the influence of local grain orientation on the local
mechanical behavior during cyclic high-temperature fatigue tests.

2. Materials and Methods

The composition of the polycrystalline nickel-base superalloy René80 used in this
work is shown in the following Table 1 and was measured by the manufacturer.

Table 1. Composition of René80 in wt.%.

Element Ni Cr Co Ti Mo W Al C B Zr

René80 Bal. 14.04 9.48 5.08 4.03 4.02 2.93 0.17 0.015 0.011

The material was vacuum casted from the same melt and heat treated after [19] at
Doncaster in Bochum/Germany as bars of 150 mm in length with 20 mm and 12 mm in
diameter. The different diameters of the bars lead to different cooling conditions and tem-
perature transients during solidification in the radial direction (x−direction, see Figure 1).
In addition, the casting process as a standing mould leads to a further temperature gradient
in the axial direction (y–direction). Due to the faster cooling conditions in the 12 mm bar,
grain growth is inhibited, which leads to smaller elongated grains compared to the 20 mm
bar, as Figure 1 shows. The white dashed line represents the gauge section of the smooth
specimen, and the green dashed line the gauge section of the notched specimen.

5 mm 3 mm 

(a) (b)

 
Figure 1. Longitudinal cut of the 20 mm bar (a) and 12 mm bar (b).

The preferred growth of the [100]–orientation towards the temperature gradients
known for nickel-based superalloys leads to dendritic solidification along the edge areas
of the bars [20] represented as blue dotted lines. During manufacturing of the sample
geometries, the dendritic edge area is almost completely removed from the gauge section
of the 20 mm rod. However, the samples, which were manufactured from the 12 mm rod,
still show dendritic structures within the gauge section, as seen in Figure 1. As described
in [17], the dendritic solidification and the resulting preferential direction of the grains,
with an average alignment of ϑ = 25◦, result in a different material behavior compared
to the specimen from the 20 mm bar material (with random orientation). To determine
the grain size, the grains in the gauge section were evaluated by the equivalent diameter
using a light microscope and an image processing software. The ratio of the grain sizes
within the gauge section of the specimen between the 12 mm bar and 20 mm bar is about
1:3. In the following, the specimen taken from the middle of the 20 mm bar will be called
coarse-grained and consist of a random orientation distribution of the grains, since no
obvious crystallographic texture could be determined using electron backscatter diffraction.
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The specimens made from the 12 mm bar are called fine-grain textured material, due to
the preferred solidification in direction of the resulting temperature gradient. The René80
material from the isothermal LCF tests results taken from [14] for comparison was also
manufactured and heat-treated by Doncaster but casted as solid plate with a thickness of
20 mm. The grain sizes are in a very good accordance to the coarse-grain material as well
as the grain orientation distribution was also described as random. In order to compare the
results to [14], the same notch geometry as well as cylindrical gauge section were chosen
and are shown in Figure 2. The notch factor was calculated to a value of 1.62.

Figure 2. Geometry of the smooth (a) and notched (b) specimen in accordance to [14,21].

Isothermal LCF tests were carried out at 850 ◦C at a servo hydraulic MTS test rig with
a maximum load capacity of 100 kN combined with an Hüttinger TrueHeat (TRUMPF
Hüttinger GmbH, Germany, Freiburg) MF 5000 induction heating system. Strain-controlled
tests were performed at R = −1, using an MTS high-temperature extensometer type 632.53
with ceramic rods, a measurement length of 12 mm and a constant air flow cooling to
prevent temperature influences on the measurement. All tests were carried out with a test
frequency of 1 Hz. Details to the tests conducted with the smooth samples can be found
in [17,21].

Since the used type K ribbon thermocouple could not be applied in the notch due
to geometrical conditions, it was attached above and calibrated for each specimen to the
temperature of 850 ◦C by means of a wire thermocouple within the notch. The thermal
gradient between these two thermocouples was below 8 ◦C for 850 ◦C, whereas a controlling
by only one wire thermocouple attached at the notch was not practicable due to contact
problems during testing. A drop of the measured and stabilized stress amplitude of 2.35%
indicates the failure of the notched specimen, which is equal to a drop of 2.5% for the
smooth specimen if a penny-shaped crack surface of 0.96 mm2 in both specimen types is
assumed [22].

It should be noted here that due to confidential agreements with the project partners,
diagrams which contain lifetime and material data of the investigated material René80
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are normalized. Wöhler diagrams are labelled with “low” and “high”, which refers to
lifetimes and total strain, and stress amplitudes for the low cycle fatigue and high cycle
fatigue regime. Diagrams which contains material properties are normalized by the highest
occurring value.

3. Modelling Approaches

3.1. Modelling the Notch Strain with Finite Element Analysis for an Isotropic
Material Assumption

Due to the usage of the MTS 12-mm high-temperature extensometer for both specimen
types, the axial strain within the notch must be determined numerically, in order to compare
the fatigue tests to smooth specimen fatigue tests in strain amplitude Wöhler diagrams.
Due to the notch geometry, stress concentrations occur within the notch root and lead
to local plastic deformation. Therefore, an isotropic elastic plastic material model, based
on a Ramberg–Osgood relationship (material parameters provided by Siemens), for the
coarse-grained and fine-grain textured René80 at 850 ◦C, was implemented into the finite
element solver ABAQUS (Version 2018, Dessault systemes, Vélizy-Villacoublay, France). A
virtual extensometer with a measurement length of 12 mm was attached symmetrically
around the notch of a full specimen model. As a global loading, the end face of the model
was displaced step by step, where the front face was locked in the axial direction. For
each step, the measured axial strain on the extensometer was determined as well as the
axial strain within the notch root. The following Figure 3 shows the relationship between
the axial strain applied to the extensometer εglobal (respectively to the specimen) and the
corresponding strain in the notch root εnotch for the coarse- and fine-grain textured material
(normalized with the maximum occurring global strain εglobal).

 
Figure 3. Normalized relationship between the global strain at the extensometer εglobal and the local
strain at the notch root εnotch for the coarse- and fine-grain textured material.

To estimate the required strain amplitude within the notch root, fitted quadratic
functions (from Figure 3) were used to adjust the total strain control value at the fatigue
test controlling system.

3.2. Modelling the Local Material Behaviour with Finite Element Analysis for Polycrystalline
Nickel-Base Superalloys

In order to simulate the material behaviour in dependence of different grain ori-
entation distributions, the open-source software NEPER (Version 3.3, by Romain Quey,
MINES Saint-Étienne, France) was used to generate random grain morphologies using
the 3D Voronoi tessellation method [23–25]. Since the notched section is of great im-
portance for the mechanical behaviour of the specimen, a cuboid with the dimension
10 mm × 11 mm × 5.5 mm and two notches, according to Figure 4, was modelled. The
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thickness of the model was chosen to ensure that the surface of the two notches is equal
to the circumferential surface of the round notch on the test specimen in order to avoid
statistical size effects. The cuboid type of model was selected because it is not practicable
to perform rotationally symmetrical cuts on cylindrical models within the used version of
NEPER. Due to the considerations of a flat notched specimen in the finite element models,
differences in the stress state of the notch root occur when compared to a circumferential
notched specimen, as used in the experiment. For example, the tangential stress compo-
nent of the circumferential notched specimen is not existent in the flat notched specimen.
However, because of the low notch factor of 1.62, the axial stress component is significantly
higher than the remaining stress components and therefore these differences in stress state
can be neglected.

(a) (b)

Figure 4. Polycrystalline models of the notched specimen, coarse-grain with 100 grains (a), fine grain with 1000 grains (b).

According to the grain size distribution mentioned in Section 2, the coarse-grain model
with random orientation distribution contains of 100 grains, which result in an equivalent
grain diameter of 2.76 ± 0.55 mm, evaluated using the NEPER grain statistics tool. The
fine-grain textured model contains of 1000 grains with an equivalent grain diameter of
1.03 ± 0.16 mm. Due to the very high computing time for generation, meshing and calcula-
tion, three models with three textured grain orientation distributions each were created
for the fine-grain textured sample. The coarse-grained models cover four different models
with three different grain orientation distributions each. For both types of models, the value
for the characteristic length of the elements for the average cell size was set to rcl = 0.3
(relative element length) within the NEPER meshing tool. As a result, the mesh consists of
a uniform distribution of approximately 250,000 quadratic tetrahedral elements (C3D4) for
the coarse-grain model and approximately 700,000 quadratic tetrahedral elements (C3D4)
for the fine-grain textured model. Both polycrystalline specimen models are shown in
Figure 4. Note, the edges within the notch appear in the visualization and are removed by
the meshing procedure.

A detailed description of the model properties of the smooth specimen as well as
generation is described in [17]. In order to expand the simulation database, six coarse-grain
smooth models with random orientation distributions and six fine-grain smooth models
with a textured orientation distribution were added and analysed. Table 2 summarises all
conducted numerical simulations with the corresponding orientation distributions.
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Table 2. Overview of the different numerical simulations.

Specimen Type
Number of

Grains

Grain
Orientation
Distribution

Number of Models
with Different Grain

Morphologies

Number of
Simulations
per Model

Notched, flat 100 coarse random 4 3
Notched, flat 1000 fine textured 3 3

Smooth, round 49 coarse random 6 1
Smooth, round 500 fine textured 6 1

In order to create local material properties, each grain was rotated using rotational
matrices U (U is a function of the Euler angles ϕ1, ϕ2 and ϑ) according to an orientation
distribution in a pre-processing step and the respective data written to the input file. The
grains in the coarse-grain René80 batch show no preferential direction in orientation, which
is why the rotational matrices U used in this pre-processing step are distributed according
to an isotropic measure, mathematically given by the Haar measure at the SO3 group of
rotations [10]. The rotational matrices U which were assigned to the fine-grain textured
models were generated by random distribution of the Euler angles ϕ1, ϕ2 where ϑ kept
constant with 25◦ to represent the examined texture. To calculate the elastic properties of the
grains in dependence of their local coordinate system, a global, anisotropic, linear-elastic
material law was defined in ABAQUS. As there is no data concerning the elastic constants
of René80 in dependence of the temperature in the literature, elastic values for an IN738LC
were taken from [26]. Since both the composition and content of the γ’ phase are very
similar in IN738LC and René80, it can be assumed that the elastic behaviour of both alloys
are qualitatively comparable. A linear interpolation from the data at 800 ◦C and 898 ◦C
results in the elastic constants C11 = 225.83 MPa, C12 = 161.45 MPa and C44 = 98.79 MPa for
a temperature of 850 ◦C. During the simulation, the local material properties in dependence
of the local grain orientation were transferred to the globally defined material law and
the grains interact according to their local stiffness. All simulations were carried out at
T = 850 ◦C in displacement control, in order to achieve consistency to the LCF experiments.
The nodes of one face were locked only in the axial direction, in order to enable transverse
contraction, whereas the nodes of the opposite face were displaced by 0.01 mm. Due to the
cyclic stability of the material behaviour during high-temperature LCF testing, only one
single loading cycle was simulated.

A python-based tool was developed to calculate the maximum resulting shear stress
within the slip systems (i,j) on each node of the finite element models in dependence of the
local stress tensor σ and the assigned local grain orientation U. Since the crystallographic
structure of nickel-base superalloys is face-centred cubic (fcc), dislocation movement
occurs usually in slip systems of the type {111}<110> if a critical value τcrit is exceeded.
The resulting shear stress on each node is determined by calculating the shear stresses for
all 12 slip systems, where the slip system with the highest value is the activated one—see
Equation (1).

τres,ij = U·ni σ·U·si,j (1)

Details for the calculation procedure can be found in [10,17,21]. Since all simulations
are purely elastic, only linear elastic shear stresses are calculated within the slip systems.
Still, their distribution at the model surface, i.e., the notch root, gives an indication about
the expected onset of plasticity and therefore the possibility of a fatigue crack initiation.

4. Results

4.1. Experimental Results of Isothermal LCF Tests at 850 ◦C for Smooth and Notched Specimen

In the following section, the results of the total strain-controlled isothermal LCF ex-
periments at 850 ◦C of the notched specimen are presented in comparison to the results
of the smooth specimen. Figure 5 shows the influence of grain orientation distribution
and specimen geometry on the high-temperature LCF behaviour of René80 as the total
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strain amplitude Wöhler curve. For the notched specimen, the shown total strain ampli-
tude εa,t,notch represents the total strain amplitude within the notch root (see Section 3.1),
determined by finite element simulation using a Ramberg–Osgood relationship. The in-
vestigated coarse-grained specimens are displayed in green, whereas, in addition, the
results for coarse-grain smooth and notched specimens (taken from [14]) are shown in grey.
Smooth and notched specimens made from the fine-grain textured material are marked in
blue. Smooth specimens are shown as circular data points, whereas notched specimens are
represented by a rhombus. Run out tests are marked with an arrow.

 
Figure 5. Total strain amplitude Wöhler curve for smooth and notched specimen with different grain
orientation distributions for isothermal LCF tests at 850 ◦C.

Figure 5 clearly shows, for all total strain amplitudes and grain orientation distribu-
tions, that fatigue lifetimes of the notched specimen are higher compared to the smooth
specimen. As already explained in [17,21], smooth specimens with a fine-grain textured
material show higher lifetimes compared to the coarse-grain material, especially for low to-
tal strains. However, for the notched specimens, no unambiguous improvement regarding
fatigue life can be found for the fine-grain textured material. It is noticeable that over a
relatively large range of low total strains, both failure and run out occur for the notched
geometry, which leads to distinct lifetime scattering. At high total strains, the lifetime
scatter appears slightly decreased.

Figure 6 shows the measured stress amplitude in order to represent the influence
of stiffness of the individual specimens. For the notched specimen, the stress amplitude
corresponds to the maximum stress in the notch root (σa,notch).

For the notched specimen, the measured stress amplitudes are in general lower com-
pared to the smooth specimen for the same total strains. While the smooth specimen shows
a clearly lower stress amplitude for the textured fine-grain material, no clear influence
of grain orientation on the stress amplitude for the notched specimen can be determined.
Additionally, the scatter in stress amplitude seems, for the smooth specimen, much higher
compared to the notched specimen, where the highest scatter could be found for the
coarse-grain smooth specimen.
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Figure 6. Stress amplitude Wöhler curve for smooth and notched specimen with different grain
orientation distributions.

4.2. Microscopic Analysis of the Fracture Aurfaces

The fracture surfaces of the notched specimen will be evaluated in the following, where
a detailed analysis of the fracture surface for the smooth specimen can be found in [18]. In
general, the typical high-temperature fatigue cracking behaviour is observed, consisting of a
smooth and oxidized part which represents the fatigue crack surface, which was developed
during cycling and a rough non-oxidized part which represents the residual fracture surface
(caused by the shutdown of the heating system after specimen failure). Moreover, scanning
electron microscope (SEM) images show the typical honeycomb structure and prominent
cracks in the residual fracture area. Conversely, the detailed examination of the fatigue
crack surface clearly shows the crack initiation sites at the surface with the typical lens
around the initiation spot. Subsequently, river patterns are visible in the fatigue rupture
surface by SEM investigations, as visible in Figure 7.

Independent of specimen geometry, the fractured surfaces show an influence of the
total strain amplitude. At low total strain amplitudes, single crack initiation with large
fatigue surfaces were observed, as seen in Figure 8a. Almost half of the fracture surface is
represented by the fatigue crack originating from the single crack initiation site, while the
other half is dominated by final rupture surface. In contrast, at high total strain amplitudes,
multiple crack initiation sites distributed all around the notch root were observed, as shown
in Figure 8b. High strains and therefore higher stresses lead to multiple crack initiation
sites and faster crack growth. As a result, the fatigue surfaces are significantly smaller and
irregularly shaped. Partially, the merging of cracks can be observed. The red arrows in
Figure 8 illustrate the crack initiation site.
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1 mm

200 μm

Figure 7. Fatigue and residual fracture surface of a notched specimen.

 
Figure 8. Crack initiation sites of a notched specimen fatigued with (a) low total strain amplitude, (b) high total strain
amplitude at 850 ◦C.

4.3. Cyclic Deformation Behaviour of the Notched Specimen under Total Strain Control

The development of stress amplitude σa,notch for the notched specimen over the cycle
number is presented in Figure 9 (total strain amplitudes are normalized).

As expected, the stress amplitude σa,notch decreases with a decrease of total strain
amplitude, which results in longer lifetimes. All curves show a stable cyclic behaviour
during their full lifetime until a crack initiation occurs; therefore, their cyclic behaviour
is comparable to the smooth specimen [18]. After crack initiation, some samples show
a steep drop in stress amplitude σa,notch. However, stress amplitude increases are also
possible. After [27], this effect can be explained by the position of the crack relative to the
extensometer. Since the duration of the crack growth phase is distinctly smaller compared
to the total lifetime, the effect of the orientation of the crack to the extensometer can
be neglected.
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Figure 9. Development of stress amplitude over lifetime during strain-controlled LCF testing at
850 ◦C for coarse-grain and fine-grain textured material.

4.4. Results of the Finite Element Simulation

For the determination of the elastic axial strains within the notch, results of the
isotropic simulations based on the Ramberg–Osgood relationship (mentioned in Section 3.1)
are shown in Figure 10. The axial displacement of 0.1% in the y–direction in the following
illustrations was chosen to compare the results with the anisotropic approaches and to
avoid plastic deformation (the polycrystalline simulations are calculated fully elastic). In
order to differentiate the two material batches, the respective Young’s moduli (taken from
the Ramberg–Osgood relationship) were assigned to the models.

(a) (b)

Figure 10. Isotropic elastic simulation coarse-grain (a) material and for the fine-grain textured material (b), using a
Ramberg–Osgood approach.

The von Mises stress distribution reveals the anticipated inhomogeneous distribution
within the notch where the maximum von Mises stress is located within the notch root,
with 284.5 MPa for the coarse-grain material and 273.2 MPa for the fine-grain textured
material. Due to the slightly lower Young’s moduli of the fine-grain textured material, the
local stresses are slightly decreased compared to the coarse-grained material. In addition,
the isotropic simulation shows a geometrically caused slight reduction of the stress at the
edges of the notch.
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The results of the finite element analysis for the polycrystalline notched specimen at
850 ◦C and an applied total strain of 0.1% will be presented in the following. Figure 11
shows the distribution of the von Mises stress for a model with coarse-grain material
(100 grains, random orientation distribution) and a model with the fine-grain textured
material (1000 grains).

1

1

2

2

(a) (b)

Figure 11. Distribution of von Mises stress for notched specimen for the coarse-grain material (100 grains, (a)) and
fine-grained textured material (1000 grains, (b)).

It can be clearly seen that compared to an isotropic approach the stress distribution
is highly inhomogeneous within the notch area, as well as in the bulk material caused by
grains with different orientations and therefore varying elastic properties. Within the notch
root local maxima of stress, located close to grain boundaries, areas that 1 indicate can be
found. At the same time, areas with significantly reduced stresses can occur even in the
notch root (areas 2). A statistical evaluation of all simulations revealed that, on average, the
maximum von Mises stress for the coarse-grained and randomly orientated specimen is
508 ± 58 MPa (evaluated from 12 simulations). The average maximum von Mises stress for
the fine-grain and textured material is with 634 ± 45 MPa significantly increased (evaluated
from nine simulations). It should be noted here that both models were calculated with the
same applied total strain of 0.1% and the same material model; only the grain orientation
distribution and grain numbers were different.

Comparing the von Mises stress results to the isotropic approach presented in Figure 10
reveals distinct higher von Mises stresses for the polycrystalline model. However, they
appear on a much smaller scale within the notch root, whereas, for the isotropic approach,
the whole notch root shows a maximum in von Mises stress.

Figure 12 shows the distribution of the strain component E22 in the loading direction
(y–direction) for the coarse-grain and fine-grain textured material.

Similar to the von Mises stress distribution, the strain distribution is also inhomoge-
neously distributed along the notch area, which results in a distinct strain scatter between
0.1% and 0.3%, where local maxima (area 1) as well as minima (area 2) can be found in the
notch root. Moreover, some models show, in contrast to isotropic calculated models, that
strain maxima can also occur outside the notch root, as area 3 shows. For all nine calculated
models, the maximum strain E22 in loading direction for the fine-grain textured material is
slightly higher with 0.279 ± 0.015% than for the coarse-grain randomly orientated material
with 0.271 ± 0.033% (12 models).

The calculation of the resulting shear stress distribution is carried out with the python
tool mentioned in Section 3.2. Figure 13 shows the distribution of the maxima in the
resulting shear stress within the slip system of the grains and gives an indication of where
plastic deformation, and therefore fatigue crack initiation, occurs favourably.
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(a) (b)

Figure 12. Distribution of the strain component E22 in loading direction for notched specimen for the coarse-grain material
(100 grains, (a)) and fine-grained textured material (1000 grains, (b)).
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(a) (b)

Figure 13. Distribution of the maximum shear stress within the slip system of the grains for the coarse-grain material (100
grains, (a)) and fine-grained textured material (1000 grains, (b)).

Due to the inhomogeneous distribution of stresses and strains within the notch, caused
by the polycrystalline modelling approach, the maximum resulting shear stresses are also
inhomogeneously distributed. Local maxima can be found within the notch root (area 2)
and also outside the notch root (see area 1). Since the shear stress distribution also depends
on the stress distribution, areas with low shear stresses can also be found in the notch
root, as shown for the areas 3. In these areas, a predominantly elastic deformation occurs,
whereas plastic deformation can be expected first in the areas with high resulting shear
stresses. Figure 13 already reveals local higher-shear stresses for the fine-grain textured
material which can be confirmed for all simulations. The average value for the maximum
resulting shear stress is 287 ± 9.8 MPa for the fine-grained textured material, while the
average value for the coarse-grain randomly orientated material is 236 ± 26 MPa.

In conclusion, the notched models with a fine-grain textured material reveal, on
average, higher mechanical properties, i.e., stress, strains and shear stresses, compared
to notched models with a random orientation distribution (coarse-grain) for the same
loading condition.
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4.5. Shear Stress Distribution of the Smooth Specimen

In addition to [17], further smooth-specimen simulations were carried out in order to
increase the database. Figure 14 shows the distribution of shear stress for coarse-grain and
fine-grain textured models at 850 ◦C and an applied total strain of 0.25%.

max. res max. res
(a) (b)

Figure 14. Distribution of the maximum shear stress within the slip system for smooth specimen with coarse-grain material
(49 grains, (a)) and fine-grained textured material (500 grains, (b)).

For the simulation of the smooth specimen, areas with low resulting shear stress
as well as areas with locally significant increased shear stresses occurring on the surface
can be clearly seen. An evaluation of the average maximum resulting shear stress of all
calculated models (including the results from [17]) shows, for the coarse-grain, random
orientated specimen, an average resulting shear stress of 397 ± 25 MPa. The average value
for fine-grain textured material is clearly lower with about 315 ± 21 MPa.

A summary of the finite element simulations reveals for the fine-grain textured mate-
rial higher local mechanical properties (stress, strain and shear stresses) when compared to
the coarse-grain material for the case of a notched specimen. Interestingly, in the case of a
smooth sample, the fine-grain textured material led to distinct lower mechanical properties.
The following section will explain where these differences in mechanical behaviour result
from and how they affect the fatigue behaviour.

5. Discussion

A general difference of lifetime behaviour between the smooth and notched specimen
can be statistically attributed to the size effect. For the smooth specimen, the possible area
for crack initiation, i.e., the gauge section surface, is about 6.5 (the whole surface of the
notch) times higher for the notched specimen. However, just around a third of the notch
surface lies within the notch root; therefore, the surface relation between the notched and
smooth specimen where fatigue crack probably occurs is much higher. Despite more grains
on the surface of the fine-grain textured smooth specimen which from a statistical aspect
should increase the possibility of a crack initiation, a longer lifetime can be observed for the
same total strains in comparison to the coarse-grain smooth specimen. The reason lies in
the preferred orientation of the grains in combination with the global uniaxial stress state.
This results in lower Young’s moduli of the specimen compared to a randomly orientated
material. It follows for strain-controlled test conditions, lower stress amplitudes and lower
shear stresses within the slip systems and therefore longer lifetimes [17]. A significantly
improved lifetime of the fine-grain textured material, however, cannot be determined
for the notched samples. Due to the multiaxial character of the notch and the resulting
multiaxial stress states, an evaluation of Young’s moduli as a ratio of stress and strain
in loading direction is not appropriate. To determine the influence of stiffness by using
finite element, the reaction forces in the loading direction of all nodes were calculated and
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summarized to calculate the resulting force on the specimen caused by the displacement
of 0.1%. Related to the cross section within the notch, the averaged nominal stress which
occurs for a displacement of 0.1% for the fine-grain textured material is 240 ± 1.5 MPa.
For the randomly orientated coarse-grain material, the average stress in the notch can be
calculated to 190 ± 7 MPa. It could be assumed here that, for the coarse-grain material, an
insufficient number of grains with perhaps stiff orientations could influence the results. As
mentioned in [28], a minimum of six to eight grains are required within the cross section
to minimize the influence of different grain orientations. For the coarse-grain notched
specimen, more than 10 grains are located in the cross section of the notch for every
model. In addition, the number of simulations (12 in total) with random grain orientation
distributions, generated with the Haar measure, ensures a sufficient amount of data to
provide secure statistical evaluations.

Thus, the averaged values reveal a general higher stress required for the textured
material to achieve a total strain of 0.1% than for the randomly oriented material. Therefore,
the notched specimens show a contrary behaviour to the smooth specimens with regard to
stiffness. Since all models, notched and smooth, were calculated with the same material
models as well as orientation distribution, the main the differences in mechanical behaviour
can be attributed to the influence of the notch.

5.1. Development of Stiffness along the Notch

The following section explains where the stiffness differences arise from by investi-
gating the elements of the finite elements models and assuming that elements can have
different elastic properties due to their local orientation in relation to the loading axis. For
all the explanations given below, an anisotropic material behaviour is assumed due to the
texture and differences in the alignment of the grains (i.e., elements) between the local
principal stress axis and loading axis, but the microstructure of the material is assumed
to be homogenous (non-consideration of grains). Therefore, a grain interaction caused by
differently shaped and orientated grains is not considered here. For the smooth specimen,
the loading axis aligns with the axis of maximum principal stress σI for all elements (σII,
σIII << σI). Assuming the determined crystallographic texture for all elements, with ϕ1, ϕ2
random and ϑ constant with 25◦, the Young’s moduli, i.e., stiffness, are nearly uniformly
distributed with an average value of 128 ± 0.9 GPa, calculated for 850 ◦C. This outcome
results from Monte Carlo simulations in which a single element was rotated 10,000 times
while the stiffness in loading direction (direction of maximum principal stress) was evalu-
ated. For the notched specimen, the direction of maximum principal stress is not constant
and changes for each element along the notch due to its geometry, as Figure 15 illustrates.

Figure 15. Directions of maximum principle stress along the notch compared to loading direction y.
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It can be clearly seen that along the notch, an angle ψ between the maximum principal
stress and global loading axis forms. If now a constant texture, i.e., constant orientation of
each element is assumed, the principal stress direction of the elements aligns tangentially
along the notch with regard to the global loading axis y. This assumption is valid for
notches with a circular or elliptical shape (no sharp notches). For elements in the notch root,
the difference angle is ψ = 0◦ and therefore the results of the Monte Carlo simulation to
determine the possible stiffness at this point are similar to the results for a uniaxial case in
the smooth specimen (the direction of principal stress align with the loading direction). For
calculating the stiffness for elements with angles ψ 
= 0◦, the following method was applied.
Instead of calculating the stiffness for the constant texture with changing directions of the
maximum principal stress (to represent the notch), the principal stress direction was kept
constant, and the orientation of the elements were changed. For an angle of 5◦ between the
loading direction and principal stress axis, the element was rotated about ψ = 5◦, in such
a way that the principle stress axis and global loading direction align. For the textured
material with ϑ = 25◦ follows as the new angle ϑ + ψ = 30◦. Monte Carlo simulations
were carried out for angles ψ = 5◦, 10◦, . . . , 60◦ (3000 samples each). Figure 16 shows the
development of a stiffness increase in dependence of the angle ψ for a textured orientation
distribution with ϑ = 25◦ for all elements along the notch (ϕ1, ϕ2 = random).

 

Figure 16. Development of stiffness along the notch for the textured material.

The analysis of the Monte Carlo simulation reveals an increase in stiffness until a
maximum value with 200 ± 18 GPa is reached for ψ = 25◦ at the notch. With a further
increase in ψ, the stiffness decreases with simultaneously increasing scatter, which can
be explained by plotting the inverse pole figure for different angles ψ over the Young’s
moduli at 850 ◦C, as presented in Figure 17.

Possible orientations (black dotted line) with a fixed angle of ψ = 0◦ (equal to the
determined texture with ϑ = 25◦) show low corresponding Young’s moduli and are located
in a region where the Young’s moduli itself is nearly homogeneously distributed, which
results in a negligible scatter. With an increase in ψ, the possible orientations cross through
areas where the width of possible values for Young’s moduli increases, which also increases
the scatter. As shown in Figure 16, the highest average values occur for ψ between 20◦ and
30◦. This is due to the case that some orientations align close to the [111] axis, which result
in the highest Young’s moduli values of about 250 GPa. For ψ > 30◦, the scatter remains
nearly constant with decreasing average value. As can be seen at the pole figures, with
further increasing ψ, the possible Young’s moduli values move closer to areas close to the
[100] and [110] orientations, which results in a decrease of the average Young’s moduli. For
these orientations, the scatter remains quite high, since the possible orientations cross areas
with a broad range of possible Young’s moduli.
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Figure 17. Inverse pole figure plot for different orientation distributions with constant value of ψ over the Young’s moduli
at 850 ◦C.

From this behaviour follows a huge stiffness discrepancy with an average 70 GPa
higher stiffness at ψ = 25◦ compared to 128 GPa at ψ = 0◦. It should be noted that this
behaviour is only valid for elements on the surface of the notch root. For elements in the
direction of the bulk material (x–direction), the orientation changes of principal stress are
shown on a cross section through the notch in Figure 18.

Figure 18. Cross section of elements through the notch with directions of principle stress.

For the first couple of elements close to the notch, a distinct difference angle ψ between
the global loading axis y and principal stress direction can be identified. With increasing
distance from the notch (in x–direction), the maximum principal stress aligns more and
more with the global loading direction. Transferred to the results for the elements in the
notch, a stiffness gradient follows with high stiffness at the notch root and decreasing
values into the bulk material. Figure 19 shows the development of stiffness into the bulk
material through a cross section calculated by Monte Carlo simulations. The cross section
is taken horizontally at ψ = 25◦ since it is the found maximum—see Figure 16.

As can be seen on the direction of the principal stress for each chosen element in
Figures 18 and 19, a uniaxial stress state is already reached after a couple of elements,
which is less than a millimetre into the bulk material. This can lead to high stiffness
differences between the notch area and the bulk material which reach up to 104 GPa in
the worst case. The majority of bulk material, on the other hand, has only low stiffness
due to the predominant uniaxial stress state in combination with the examined texture
(comparable to the stress state in the smooth specimen).

173



Metals 2021, 11, 731

 
Figure 19. Development of stiffness into the bulk material for the fine-grain textured material.

Interestingly, the highest resulting stiffness (associated with an angle ψ = 25◦) lies still
in the range of the highest stresses, calculated for the isotropic approach caused by the
notch and therefore in the critical area for crack initiation. In summary, it can be stated
for the notched specimen with the examined textured orientation distribution that high
stiffness appears in the highly loaded and therefore critical areas of the notch due to a
stiffness increase along the notch. This results in high local stresses as well as shear stresses,
as seen by the finite element simulations in Section 4.3. The bulk material, where the
loading direction and maximum principal stress direction align, show significantly lower
stiffness due to the texture. Thus follows for the examined textured in combination with a
notched specimen geometry, that the total stiffness can be seen as a composite of the low
stiffness of the bulk and potentially high stiffness of the notched area.

For a real considered polycrystalline and anisotropic material, the local mechanical
behaviour is much more complex. Besides the previous described differences in align-
ment between maximum principal stress and global loading axis caused by the geometric
character of the notch, further effects occur. Especially, the interaction between grains
of different sizes and orientations where resulting constraints lead to inhomogeneous
stress states along the notch as well as in the bulk material, as seen in the finite element
simulations. Due to the complexity, grain interactions are not considered for the evaluation
of stiffness properties.

5.2. Influence of Grain Orientation Distribution on the Shear Stress in Slip Systems

Besides the influence on stiffness, the texture of the fine-grain textured material also
leads to a preferred orientation of the slip systems. To determine the onset of plasticity,
the maximum resulting shear stress within the slip system was calculated according to
Equation (1) and the modified Schmid factor obtained by dividing the resulting shear stress
by the von Mises stress of the node. Due to the node-based formulation of the python
code, the polycrystalline finite element models can be considered, whereby the local grain
interaction is taken into account for the resulting shear stress evaluation. While for the
smooth sample all nodes on the surface were evaluated, for the notch sample only nodes in
the area of the notch root (location of possible crack initiation) were considered. Figure 20
shows the distribution of the modified Schmid factor for the smooth and notched specimen
for the two different investigated grain orientation distributions.
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Figure 20. Distribution of modified Schmid factor for random-orientated coarse-grain and fine-grain textured smooth (a)
(according to [17]) and notched specimen (b).

The averaged modified Schmid factor for the smooth specimen is 0.431 ± 0.05 for
the fine-grain textured material and therefore significantly lower than for the coarse-grain
material with 0.468 ± 0.05. Figure 20b shows the distribution of the modified Schmid
factor for all simulations carried out with a notched model. It can be clearly seen that the
distributions of the modified Schmid factor show similar profiles for the notched specimen
for both orientation distributions. The average modified Schmid factor for the fine-grain
textured material is 0.448 ± 0.05 and nearly similar to the value for the coarse-grained
randomly orientated material with 0.454 ± 0.06. The nearly similar modified Schmid factor
distribution can be explained by the change of the direction of the principal stress along the
notch. For the smooth specimen, the loading direction is constant and lead by the constant
texture to an improvement of the modified Schmid factor. For the notched specimen, the
texture is also constant, but the direction of maximum principle stress changes along the
notch, which leads to a variation in Schmid factors due to constant texture with varying
principal stress direction (analogue to the stiffness). Since nearly similar modified Schmid
factor distributions were found for the notched specimen, the increased values of the
resulting shear stress of about 50 MPa (see Figure 13) for the fine-grained textured material
can be attributed to the evaluated higher stiffness along the notch root. The increased
stiffness in combination with slightly higher strains (see Figure 12) leads to higher stresses
in the notch root and finally to higher local shear stresses.

A slightly shorter lifetime associated with the slightly higher shear stress of the fine-
grain textured and notched specimen cannot be clearly evaluated regarding the stress and
strain Wöhler curves shown in Figures 5 and 6. Due to the low amount of data, it is very
difficult to make reliable statements about differences in lifetime due to the large scatter.

6. Conclusions and Outlook

In the present work, the influence of a random and textured grain orientation distribu-
tion on the mechanical as well as fatigue behaviour was investigated for the polycrystalline
nickel-base superalloy René80. Isothermal LCF tests at 850 ◦C with notched specimen show
a stable cyclic behaviour over the lifetime independent of the applied strain amplitude.
Analogous to the fatigue behaviour of smooth specimen, low total strain leads to single
crack initiation, whereas high total strain results in multi-crack initiation sites. Overall, for
same total strain amplitudes, the notched specimen reveals distinct higher lifetimes com-
pared to the smooth specimen, which can be mainly attributed to a significantly smaller
highly loaded volume with distinct smaller grain numbers. In contrast to the smooth
specimen, where the fine-grain textured improved the fatigue life due to lower Young’s
moduli and modified Schmid factor, no improvement was found for the notched specimen.
This can mainly be attributed to the development of an area with high stiffness along the
notch, caused by constant grain texture with varying principal stress directions generated
by the notch geometry. Under loading, this results in slightly higher stresses and therefore
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to higher shear stresses in the notch root area compared to the random orientated material.
Since the distribution of modified Schmid factors show no differences for the notched
random and textured orientated specimen, the increased shear stress results mainly from
the increased stiffness development along the notch. According to minor differences in
shear stress for the random and textured material with about 50 GPa, no deviations in
lifetime could be observed, which can be attributed to the small number of tests as well as
to the occurring scatter in lifetime.

In summary, it can be stated that the examined material texture is beneficial for
uniaxial fatigue loading in combination with smooth specimens due to its improvement in
elastic properties as well as the onset of plasticity. However, for notched specimens, these
advantages disappear and a nearly similar fatigue behavior evolves between the textured
and random-orientated material.

Using the presented modeling approach, it is furthermore possible to design grain
orientation distributions which generate minima in stress as well as resulting in shear stress
for complex geometries, to improve the component performance under high-temperature
LCF conditions.
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Abstract: Mo-Si-B alloys are one of the most promising candidates to substitute Ni based superalloys
in gas turbines. The optimization of their composition can be achieved more effectively using
multi-scale modeling of materials behavior and structural analysis of components for understanding,
predicting, and screening properties of new alloys. Nevertheless, this approach is dependent on data
on the properties of the single phases in these alloys. The focus of this investigation is Mo3Si, one
of the phases in typical Mo-Si-B alloys. The effect of 100 h annealing at 1600 ◦C on phase stability
and microhardness of its three near-stoichiometric compositions—Mo-23Si, Mo-24Si and Mo-25Si
(at %)—is reported. While Mo-23Si specimen consist only of Mo3Si before and after annealing,
Mo-24Si and Mo-25Si comprise Mo5Si3 and Mo3Si before annealing. The latter is then increased
by the annealing. No significant difference in microhardness was detected between the different
compositions as well as after annealing. The creep properties of Mo3Si are described at 1093 ◦C
and 1300 ◦C at varying stress levels as well as at 300 MPa and temperatures between 1050 ◦C and
1350 ◦C. Three constitutive models were used for regression of experimental results—(i) power
law with a constant creep exponent, (ii) stress range dependent law, and (iii) power law with a
temperature-dependent creep exponent. It is confirmed that Mo3Si has a higher creep resistance than
Moss and multi-phase Mo-Si-B alloys, but a lower creep strength as compared to Mo5SiB2.

Keywords: molybdenum silicide; microstructure; annealing; phase stability; microhardness; creep;
Mo-Si-B alloys

1. Introduction

The development of new materials, that can operate at increasing temperatures in
combustion chambers of gas turbine engines, is getting more important. At the moment the
single crystal Ni based superalloys are used for this application at ~1100 ◦C with hot spots of
~1200 ◦C, which is ~90% of their melting point [1]. Thereby, the heat resistance of Ni based
superalloys could not have been increased significantly in recent years. This causes huge
challenges in the development of gas turbine engines to meet the demanding requirements.
Thus, alternative materials have to be developed in order to achieve a significant increase in
operating temperatures in combustion chambers. The high solidus temperature of Mo-Si-B
alloys makes them one of the most promising material classes for this approach. Detailed
reviews on the properties of Mo-Si-B alloys and their phases are given in [1–3]. The best
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combination of properties was found in three-phase alloys consisting of Moss, Mo3Si, and
Mo5SiB2. Moss provides the ductility and both intermetallic phases are responsible for
adequate creep and oxidation resistance under certain circumstances [1–3].

Multi-phase materials for structural application beyond the capability of Ni base
superalloys should provide an adequate balance of ambient and ultra-high temperature
properties for critical components. The fracture toughness of polycrystalline Mo3Si and
Mo5SiB2 at room temperature is ~3 MPa·m1/2 [4,5]. The low plasticity of these phases is
caused by low symmetry of the crystal structures of these phases, which inhibits plastic
deformation through dislocation formation and motion [3]. Another reason for low fracture
toughness of Mo5SiB2 is anisotropy of the coefficient of thermal expansion along c- and
a-axes, which encourages the development of internal residual stresses [3]. However, the
multi-phase Mo-Si-B alloys with volume fractions of ductile Moss ≥ 30% provide improved
fracture toughness, because the plastic deformation of the ductile phase consumes signifi-
cantly more energy, which leads to toughening by crack arrest and bridging. The common
value of fracture toughness for Mo-Si-B alloys is in the range 7–15 MPa·m1/2 [2,6–13]. The
alloys with coarse Moss particles forming a continuous network possess even improved
fracture toughness of 15–21 MPa·m1/2 [9,11,14], which meets the required minimum frac-
ture toughness for materials beyond Ni base superalloys of 20 MPa·m1/2 stablished by
Bewlay et al. [15].

High temperature application of new material is often limited by its creep properties.
Different Mo-Si-B alloys have a creep strength of 50–190 MPa at a creep rate of 2 × 10−8 s−1

at 1200 ◦C [12,16–18]. Creep properties are mainly determined by on the fraction of the
intermetallic phases and microstructure. Alloying can extremely increase the creep strength.
Thus, alloying with Nb increased creep strength of Mo-12Si-8.5B (at %) from (extrapolated)
75 MPa to 260 MPa for Mo-19.5Nb-12Si-7.5B (at %) at a creep rate of 2 × 10−8 s−1 at 1200 ◦C.
For more detailed comparison creep properties in wider range should be considered, es-
pecially at higher stresses. Such comparison for some well-known alloys and results of
this study are given in Section 3.3.1. Bewlay et al. [19,20] suggested that the creep strength
should be greater than 170 MPa at a creep rate of 2 × 10−8 s−1 at 1200 ◦C for Nb alloys
beyond Ni based superalloys for turbine applications. Schneibel [21] adjusted this goal for
alloys with different density and set the value of 250 MPa at a creep rate of 2 × 10−8 s−1

at 1200 ◦C for Mo-Si-B alloys for high temperature application beyond Ni base superal-
loys. Thus Mo-Si-B alloys can reach the required creep strength. Nevertheless, different
microstructure strategies are optimal for balanced ductility vs. creep strength. Therefore, a
profound material design is needed for Mo-Si-B alloys to achieve the optimal properties.

However, the development of new alloys is extremely time- and cost-consuming.
To reduce the costs required for experimental analysis, multi-scale modeling of materials
behavior and structural analysis of components of creep behavior can be performed [22–24].
In addition, appropriate creep models are required for the structural analysis of turbine
blades. The constitutive behavior of new alloys can be predicted with material modeling
using different kinds of homogenization of their per-phase properties. For this approach,
the properties of these phases are often in demand. Additionally, there is still a lack
in property data for the phases being present in Mo-Si-B alloys. Therefore, this work
is dedicated to the investigation of the creep properties of the Mo3Si phase in order to
overcome the lack in available data.

A section of the binary Mo-Si phase diagram is shown in Figure 1. According to it the
solid solution Moss has a maximum solubility of approximately 4 at % Si at the peritectic
temperature of 2025 ◦C. The melting point of Mo is 2623 ◦C. The cubic intermediate phase
Mo3Si with 25 at % Si decomposes peritectically in reaction L + Moss ↔ Mo3Si at 2025 ◦C
with isotherm between 4 and 25.72 at %. The eutectic reaction L ↔ Mo3Si + Mo5Si3 occurs
at 2020 ◦C with eutectic point of 26.4 at % Si and isotherm between 25.72 and 37 at %. The
tetragonal intermediate phase Mo5Si3 with 37.5 at % Si is solidified congruently in reaction
L ↔ Mo5Si3 at 2180 ◦C. The phase diagram range with higher Si content is not relevant for
this study.
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Figure 1. A section of the binary Mo-Si phase diagram reprinted according to data from [25],
representing the alloy compositions investigated in the present study as well as Mo3Si and Mo5Si3
phases. Inset—a section of the binary Mo-Si phase diagram representing peritectic reaction L +
Moss ↔ Mo3Si and eutectic reaction L ↔ Mo3Si + Mo5Si3. Grey vertical lines—alloy compositions
investigated in the present study; red curves—solidus; blue curves—liquidus; green lines—reaction
isotherm. Solid curves—experimental results. Dashed curves—extrapolated phase boundaries into
metastable regions of the phase diagram.

Therefore Rosales and Schneibel [4] considered, that Mo3Si is not a real line compound
and slightly off-stoichiometric as it is single-phase only in a small composition range
near Mo-24Si. Thus, the dependence of the phase stability on slight variations in the Mo
to Si ratio was assessed by analyzing the microstructure of different near-stoichiometric
specimens. Additionally, the microhardness was determined in order to comment on
the presence of internal stresses, which might influence the mechanical properties. Also,
Gnesin, I. and Gnesin, B. [26] indicated Mo3Si with X-ray microanalysis and reported, that
it exists in a small compositional region of 22.33 ± 0.34 – 23.6 ± 0.56 at %.

2. Materials and Methods

First, three near-stoichiometric compositions Mo-23Si, Mo-24Si, and Mo-25Si (Figure 1)
were produced. All elemental and phase proportions are indicated in atomic percent in
this paper. The intention of selecting these compositions was to analyze the phase stability
after annealing as well as potential internal stresses caused by arc melting by determining
the microhardness before and after annealing. These results allowed the selection of
the appropriate chemical composition and manufacturing route of the Mo3Si specimens
intended for the investigation of the creep properties.

Buttons with a mass of ~5 g with compositions Mo-23Si, Mo-24Si, and Mo-25Si were
processed from high purity bulk materials of Mo and Si by arc melting and re-melting
five times in an arc melter MAM-1 (Edmund Buehler GmbH, Bodelshausen, Germany).
Therefore, a water-cooled copper crucible was used and a high purity Ar atmosphere
established. Prior to melting, a Zr getter was melted to reduce residual oxygen from
the process chamber. A specimen after arc-melting is shown in Figure 2b. Afterwards,
these buttons were cut in four pieces using electrical discharge machining (EDM). One
specimen of each composition was annealed at 1600 ◦C for 100 h in a flowing Ar atmosphere.
Macroscopic surface of specimens before and after annealing has not changed.
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Figure 2. Processing: (a) crucible-free zone melting chamber, (b) specimen after arc-melting, (c) specimen before and after
zone melting.

The specimen with composition Mo-15Si was produced from the mixture of ele-
mental high purity powders of Mo and Si by crucible-free zone melting of compacted
powders [27,28]. This composition leading to a multi-phase microstructure (Figure 1) was
selected to investigate the microhardness of the Mo3Si phase in an alloy and to compare
it with the microhardness of the above-mentioned single-phase specimens. Thus, the
floating zone melting method was selected to achieve a coarse microstructure providing
the possibility for micro indentation in single grains. A green rod was cold pressed from
the powder mixture in a hydraulic press in sectional powder compaction tool for extra-
long specimens. After that it was processed in a heated zone melting device Crystal-206
(Yoshkar-Ola, ME, Russian Federation) equipped with an induction-type heater in a high
purity He atmosphere using solidification rates of 60 mm/h (Figure 2a). The resulting
specimen was ~80 mm in length, having a diameter of ~7 mm. A specimen before and after
crucible-free zone melting is shown in Figure 2c. The specimens were cut by EDM parallel
and perpendicular to the growth direction in order to investigate the microstructure and
determine the microhardness.

For the characterization of the microstructure, the specimens were embedded in cold
hardening epoxy Demotec 15 Plus (DEMOTEC, idderau, Germany). Then, they were
ground with SiC abrasive paper of grit P600, P800, P1200, and P2400 and polished with
diamond suspensions with a particle size of 3 μm and 1 μm. In order to improve phase
contrast, chemical polishing was carried out with a solution consisting of 98 mL O.P.S.
(oxide polishing suspension) + 1 mL H2O2 + 1 mL NH3.

The microstructure was quantitatively evaluated using scanning electron microscopes
(SEM) FEI XL30 (Hillsboro, OR, USA) and Zeiss EVO 15 (Oberkochen, Germany) both
equipped with EDX (energy dispersive X-ray). The SEM images were typically obtained in
the backscattered electron (BSE) mode, but the images of cracks were obtained in secondary
electrons (SE) mode for morphological representation of the surface. Macrostructure anal-
ysis was carried out on a ZEISS Stemi 2000 C stereo microscope (Oberkochen, Germany)
equipped with ZEISS AxioCam MRC camera (Oberkochen, Germany). X-ray diffraction
(XRD) measurements were performed using an PANalytical X’pert Powder X-ray diffrac-
tometer (Almelo, The Netherlands) with a Cu-Kα beam. The phase identification was
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obtained using the analysis software HighScore Plus, version: 3.0e (3.0.5) dated 30/01/2012;
produced by: PANalytical B.V. (Almelo, The Netherlands).

Vickers microhardness measurements were carried out with a Leica VM HT hardness
tester (Vienna, Austria) at a load of 500 g and a holding time of 15 s. Standard deviations
were calculated from 30 measurements each.

For compressive creep tests specimens of Mo-23Si were manufactured with the same
technique as described first in this section, which is same as for the previous analyses of
this composition. The specimens were cut to dimensions of 2.5 × 2.5 × 3.75 mm3 by EDM.
All creep tests were carried out under constant true stresses in a Zwick universal testing
machine Z100 (Ulm, Germany) equipped with a Maytec furnace (Singen, Germany). The
creep strength was evaluated in a flowing Ar/H2 atmosphere for the tests under 1200 ◦C
and in vacuum (<10−4 Pa) for the tests at 1200 ◦C and above. In this study, the secondary
creep stage characterized with minimum creep rate is discussed. Although this approach
does not allow an estimate of the time to creep fracture, it provides a comparable parameter
to assess the creep performance and, thus, is frequently used in the early stages of alloy
and component design. Consequently, the investigation of the creep properties using step
loading is permissible. This means that if the samples were free of any sign of damage after
reaching the constant steady-state creep rate for the current constant stress level, another
stress level was applied for further investigation. In this way, the specimens were loaded
with 1 to 3 loading steps depending on the stress level.

3. Results and Discussion

3.1. Microstructure

The microstructures of Mo-25Si, Mo-24Si, and Mo-23Si after arc-melting (before an-
nealing) are shown in Figure 3a,c,d, respectively. The results of the EDX area analysis
of the elemental composition of the specimens were in good agreement with the alloy
composition weighted in.

 

Figure 3. Microstructures of Mo-25Si after (a) arc-melting and (b) 100 h annealing at 1600 ◦C as well as (c) Mo-24Si and
(d) Mo-23Si after arc-melting.
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It is revealed by EDX analysis that the lighter phase consists of ~23% Si and the darker
of ~35% Si in all specimens, which correlates with the phases Mo3Si and Mo5Si3 but is not
exactly stoichiometric. This is in accordance to [4] reporting that the Mo3Si phase is not
stoichiometric. Besides the fact that the Mo5Si3 phase may be non-stoichiometric as well,
it should be considered that the inclusions of Mo5Si3 are exceedingly small. Thus, it is
likely that ad- and subjacent regions are detected as well during the EDX point analyses
influencing the results.

Note that the amount of Mo5Si3 phase along the grain boundaries is different for
Mo-25Si, Figure 3a, and Mo-24Si, Figure 3c, namely increased in the latter alloy. This
is caused by higher content of silicon in Mo-25Si specimen. Additionally, Mo-25Si has
eutectic regions of Mo5Si3–Mo3Si. The microstructure of Mo-23Si, Figure 3d reveals only
Mo3Si phase as also confirmed by XRD analysis, which shows only intensities typical for
of Mo3Si. Figure 4 shows measured XRD pattern of Mo-23Si. Figure 3b represents Mo-25Si
after 100 h annealing at 1600 ◦C comprising significantly less Mo5Si3 phase than before
annealing. Mo-24Si consists solely of Mo3Si phase after annealing and have the similar
microstructure as Mo-23Si before annealing (Figure 3d). The microstructure of Mo-23Si
has not changed after annealing and, as before, consists solely of Mo3Si phase. Thus, the
composition Mo-23Si is used for creep testing since it corresponds to single-phase Mo3Si
and it seems to have reached a thermodynamically stable state after annealing.

 

Figure 4. XRD pattern of Mo-23Si. Red curve—measured pattern of Mo-23Si. Inset—highest peaks.
Blue lines—reference pattern for Mo3Si in ICDD 2004 database (Ref. Code 00-051-00764, ICDD Grant
in Aid, Baker, I.).

Mo-15Si specimen was manufactured by zone melting in order to achieve a coarse
microstructure enabling the determination of the microhardness of the Mo3Si phase in the
alloy. The achieved microstructure meets the requirements (Figure 5) and consist of coarse
grains of primarily solidified Moss and the matrix phase Mo3Si. There is no significant
difference observed between samples oriented parallel and perpendicular to the growth
direction. The results of the EDX area analysis were in good agreement with the alloy
composition weighted in. According to the EDX point analyses, the Si content in the darker
phase is found to be ~22% and in the brighter ~7.4%, which might be related to Mo3Si
and supersaturated Moss [29], the latter is expected to be reduced by homogenization
heat treatment.
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Figure 5. The microstructure of Mo-15Si after zone melting: (a) perpendicular and (b) parallel to the growth direction.

3.2. Microhardness

The results of the microhardness measurements are presented in Figure 6. The slight
difference in microhardness observed for Mo-23Si and Mo-24Si does not allow for sound
interpretations as significant scatter in data needs to be considered. Additionally, there
is no significant change in microhardness before and after 100 h annealing at 1600 ◦C,
which is in accordance with the non-significant change in microstructures due to the
annealing. In general, the measured value of the Mo3Si microhardness for all specimens is
HV 0.5 = 1336 ± 87, which is in very good agreement to the data reported in [4] after 24 h
annealing at 1600 ◦C as well as after 2 h annealing at 1200 ◦C. The independence of the
microhardness on different annealing regimes indicates that no significant modifications of
the local chemical compositions as well as no internal stress relief occurs during annealing,
which leads to the assumption that no significant internal stresses are present after the arc
melting, which might influence the mechanical properties.

 

Figure 6. Microhardness of Mo3Si in different alloy compositions in as-cast state and after annealing
for 100 h at 1600 ◦C.
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In the two-phase alloy Mo-15Si, the measured microhardness in the Mo3Si grains
is HV 0.5 = 1201 ± 217. Note the considerably increased standard deviation, which
might be caused by subjacent, comparatively weak Moss grains affecting the measurement
(microhardness, measured in Moss grains in the same specimen with alloy composition
Mo-15Si, is HV 0.5 = 702 ± 45). Generally, the microhardness of Mo3Si measured in this
alloy is similar to the results for the single-phase specimens.

3.3. Constant Load Compressive Creep Tests
3.3.1. Experimental Results

The investigated variation in the minimum creep rates of the Mo3Si specimens is
represented in Figure 7 and compared to pure Mo [30,31], Moss [18], and Mo5SiB2 [32] as
well as to some Mo-Si-B alloys [33,34]. Note that in study [18] the creep properties were
studied in tensile mode. Nevertheless, similar compressive and tensile creep behavior was
reported [16,18]. Thus, it is assumed that the creep response of Mo3Si, which is one of the
phases in Mo-Si-B alloys with low plasticity, does not differ in tensile and compressive tests
and can be compared to those results.

 
Figure 7. Creep properties of Mo3Si at (a) intermediate and (b) high temperatures in comparison to pure Mo [30,31],
Moss [18], Mo5SiB2 [32], and Mo-Si-B alloys [33,34], including fitting with power creep law with constant creep exponent.
(c) Arrhenius plot for Mo3Si at 300 MPa.

The achieved results confirm the conception on the properties of the phases in Mo-Si-B
alloys [1–3], which was described in the introduction. So, Mo3Si exhibits significantly
lower creep rates than Moss, which in turn are much lower than the creep rates of the
pure Mo. Additionally, Mo3Si has lower creep rates than Mo-Si-B alloys, which typically
include the weaker Moss phase. The creep properties of polycrystalline Mo5SiB2 have
only been studied at 1500 ◦C, but even at this temperature Mo5SiB2 has lower creep rates
than Mo3Si at 1300 ◦C. In all specimens, a brittle failure type was observed. It is clear
that the damaged samples were not used for further stress-step-tests. Some examples of
the cracks in the specimens and damaged samples after creep tests are displayed in the
Figure 8. The brittle manner of fracture indicates high brittleness of Mo3Si even at high
temperatures. The problem is that brittle materials absorb less energy before breaking or
fracturing. Thus, material fails suddenly instead of deforming or straining under load
when a brittle failure occurs and this can happen with only a small load, impact force, or
shock. Therefore Mo-Si-B alloys should have enough ductile Moss which is able to bridging
or arresting cracks.
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Figure 8. Specimens after creep tests: (a) and (b) cracks in the specimens, (c) damaged sample.

Conclusively, Mo3Si is characterized by a lower creep rates than Moss but a higher
compared to Mo5SiB2 (Figure 7), which should be considered for novel alloy design.

To describe the creep behavior in a wide stress range, various response functions have
been proposed. Overviews are presented in [30,35,36]. In this study, the variation in the
creep rate with applied stress under different temperature was fitted with three constitutive
equations—(i) a Norton power law, (ii) a stress range dependent constitutive model, as
described in [37], and (iii) power law with temperature-dependent creep exponent as
described in [38].

3.3.2. Regression with Power Law with Constant Creep Exponent

The most common way to fit the variation of the creep rate in the stationary creep
regime for metallic alloys is a power law also known as Norton’s law

.
ε = Aσn, (1)

where
.
ε is the minimum creep rate, A and n are material constants, and σ is the applied

stress. For analysis and comparison of properties the dependence of the creep rate on
the applied stress is commonly plotted in a graph with double logarithmic scale also
called Norton-plot, like in Figure 7a,b. For non-isothermal test conditions, the Norton law
coefficient A is generally analyzed in terms of an Arrhenius equation

A = B · exp
(
− Q

RT

)
(2)

where B is material constant, T is the test temperature, Q is the apparent activation energy
for the mechanism involved in the deformation process (usually close to the activation
energy for self-diffusion) and R is the gas constant.

The constants and accuracy (R-squared values, R2), determined according to the
regression with the Equation (1) of the two isothermal cases, at 1093 ◦C and 1300 ◦C, are
specified in Table 1, fitting curves are plotted in Figure 7a,b. For a case of constant stress
σ = 300 MPa an activation energy of Q = 542 kJ/mol was determined. The corresponding
Arrhenius-plot with experimental data and fitted curve (R2 = 0.988) is plotted in Figure 7c.
The determined activation energy is close to the activation energy for integrated diffusion
in Mo3Si, calculated from the growth kinetics data, Qint = 502 kJ/mol [39]. As the curves
at 1093 ◦C and 1300 ◦C show different slopes, of 4.6 and 1.3, it is not possible to fit all
experimental data at once with the Equation (1) using (2) for the Norton law coefficient A.
Thus, other constitutive equations are discussed in Sections 3.3.3 and 3.3.4, which allow the
consideration of the change in the slope.
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Table 1. Results of regression with power law Equation (1).

T n A,
(
s−1·MPan) R2

1093 ◦C 4.6 5.08 × 10−21 0.878
1300 ◦C 1.3 3.85 × 10−10 0.722

3.3.3. Regression with Stress Range Dependent Constitutive Model

Another way to describe the stationary creep behavior was described in [37] and
suggests that the minimum creep rate is the sum of the linear and the power law stress
functions. In this case, the constitutive equation would be

.
ε =

.
ε0

σ

σ0
+

.
ε0

(
σ

σ0

)n
=

.
ε0

σ

σ0

[
1 +

(
σ

σ0

)n−1
]

(3)

where n,
.
ε0 and σ0 are material constants. For non-isothermal conditions, the material

constants
.
ε0 and σ0 must be replaced by Arrhenius type temperature functions, thus

.
ε0 = a · exp

(
− Qa

RT

)
, σ0 = b · exp

(
− Qb

RT

)
(4)

where a and b are material constants, Qa and Qb are activation energies. The values of
.
ε0 and σ0 represent the point on the Norton plot, in which the extended curves of linear
and power law creep would intersect. The parameter n represents the slope of the power
law range.

The constants and accuracy (R-squared values, R2) determined according to regression
with stress range dependent constitutive model are specified in Table 2 and the fitting
results are plotted on Figure 9. Despite the ability to describe the typical transition from
linear to power law creep, not enough data are available in the power law range in order
to determine the constants accurately. Thereby, the results fit with a good accuracy for
n = 7 as well as for n = 13 (R-squared values are 0.981 and 0.998, respectively). Although
the R-squared value for n = 13 is slightly higher, it cannot be concluded that it describes
the properties better, because this value is determined by the several points at high stress
levels and the further trend of the curve is not defined without data at higher stresses.
Thus, a more detailed analysis of the properties at higher stresses is recommended for more
accurate analysis taking into account the experimental deviations.

Table 2. Results of regression with stress range dependent constitutive model (3) using (4).

n a, (s−1·MPa) b, (s−1·MPan) Qa, (kJ/mol) Qb, (kJ/mol) R2

7 2.68 × 1013 2129 590 19 0.981
13 1.77 × 1013 2364 577 17 0.998
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Figure 9. Fitting the experimental results with stress range dependent constitutive model: (a) and (b) n = 7; (c) and (d) n = 13;
(e) comparison n = 7 and n = 13; (f) and (g) Arrhenius plot for n = 7 and n = 13, respectively.

3.3.4. Regression with Power Law Using Temperature-Dependent Creep Exponent

Another model to describe the stationary creep properties was proposed in [38]. It
suggests that for non-isothermal conditions the creep exponent n in Equation (1) varies
directly as a function of the absolute temperature and can be replaced by the temperature-
dependent function:

n = c +
d
T

(5)
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where c and d are material constants. This correlation implies that all isothermal curves
representing the variation of the strain rate versus the applied load intersect at the same
point, named the pivot point (

.
εp, σp). The pivot point depends on the material but is

interrelated for the same class of materials. Figure 10d represents this correlation for
different oxide ceramics and spinel. This relation as well as linearity between n and
1/T was verified in [38] with an incredibly good accuracy using experimental data for
27 materials.

 

Figure 10. Fitting the experimental results with power law with temperature-dependent creep exponent: (a) 3D plot;
(b) Norton plot; (c) Arrhenius plot; (d) determined pivot point in the plot showing the relation of creep rate vs. stress in
pivot points for different ceramic materials [38].

The constants determined according to regression with power law using temperature-
dependent creep exponent (in Equations (1), (2), and (5)) are B = 3.45 × 1064 s−1 × MPan,
c = −21, d = 35,653 K, Q = 2227 kJ/mol with accuracy (R-squared values) R2= 0.956. The
fitting curves are plotted in Figure 10a–c. The fitting curves are remarkably similar to
Section 3.3.2 as the model can be transformed to the same equation for isothermal cases.
The determined pivot point is

.
εp = 6.36 × 10−6 s−1 and σp = 1840 MPa and generally lies on

the characteristic curve of pivot points for ceramic materials, described in [38], as shown
in Figure 10d.

For each stress level, only 1–6 experiments were carried out. Thus, the accurate
determination of standard deviation value was not possible. Therefore, 30% of the mean
value was used as error bars in the Figure 10b in order to describe the significance of more
data for accurate statistical analysis in more detail. More data points would allow a more
accurate regression analysis and describe the properties of the alloys more precisely.
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4. Discussion on Creep Mechanism

Generally, creep occurs as a result of diffusion and dislocation motion. At low stresses
dislocation density is quite low. Thus, the portion of creep deformation carried by dis-
locations becomes insignificant. The deformation caused by diffusion can be described
with linear dependence of strain rate on stress (power law with stress exponent equal to
1), whereby the dislocation creep is commonly described with power law. Thereby, as
soon as dislocation creep mechanism is significant, the creep rate increases much faster as
diffusion creep rate and accordingly with higher stresses the value of dislocation creep is
not significant anymore [40].

Both diffusion and dislocation motion can cause the deformation along the grain bound-
aries as well as through the grain bulk. With increasing stress and overall creep rate, the
proportion of grain boundary deformation becomes smaller. In the case of sufficiently high
stresses, the grain boundary slip is insignificant with regard to the overall deformation [40].

In general, speculations about the dominant creep mechanism can be made based on
the value of creep stress exponent [41]. However, the precise conclusions about creep mech-
anism can be made only after investigation of dislocation motion under creep deformation
in a wide range of stresses and temperatures. In this study, three different constitutive mod-
els were used for regression of experimental results. The further discussion of calculated
stress exponents with different constitutive models would be divided in two cases

• Regressions with (i) power law with constant creep exponent and with (ii) power law
with temperature-dependent creep exponent

• regression with stress range dependent constitutive model.

4.1. Regressions with (i) Power Law with Constant Creep Exponent in Section 3.3.2 and with
(ii) Power Law with Temperature-Dependent Creep Exponent in Section 3.3.4

In Section 3.3.2, each isothermal case was considered separately and the stress ex-
ponent for each isotherm was calculated. As the exponents at 1093 ◦C and 1300 ◦C are
significantly different, they were combined in Section 3.3.4 with the function of temperature
(Equation (5) using additional data achieved at different temperatures at 300 MPa. This
enables the possibility to extrapolate the results for other temperatures in a small range.
Nevertheless, the solution of this function for stress exponent at 1093 ◦C and 1300 ◦C
provides similar values as in Section 3.3.2. Thus, the discussion of the possible creep
mechanisms would be the same. For better lucidity, the values of the stress exponent
from Section 3.3.4, in which each isothermal case is considered separately, are used in
further discussion.

At 1300 ◦C, the stress exponent of 1.3 (Table 1) was determined. As mentioned
above, stress exponent with value of 1 (linear function) is characteristic for diffusion creep,
which occurs at lower stresses. The calculated value is slightly higher, which is caused by
several points at higher stresses, leading to the speculation that there could be a transition
in mechanism in the faster creep rate regime. This assumption was considered in the
regression with stress range dependent law.

At higher temperatures, the diffusion passes through the volume of crystal (bulk
diffusion, Nabarro–Herring creep). At lower temperatures, when bulk diffusion is slow,
grain-boundary diffusion takes over (Coble creep). In our case Coble creep is more likely,
as 1300 ◦C is ~68% of melting temperature of Mo3Si (ratio T/Tm in K). Note, that the last
point is an assumption, which should be considered carefully before its verification by an
investigation of the dislocation’s motion under creep deformation.

At 1093 ◦C, the stress exponent of 4.6 was determined, which corresponds to disloca-
tion creep controlled by dislocation climb [41]. This conclusion is based on the equivalence
of the activation energies of creep and self-diffusion. In addition, factors influencing self-
diffusion, such as phase transformation, superimposed hydrostatic pressure, etc., similarly
affect creep rates. In our case dislocation core diffusion is more likely, than dislocation bulk
diffusion, as 1093 ◦C is ~59% of melting temperature of Mo3Si (ratio T/Tm in K). Also here,
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the last assumption should be discussed carefully with regard to the necessary quantitative
verification of dislocation motion.

Higher creep rate at 1093 ◦C as at 1300 ◦C can be explained by higher transition stress
from linear to power law creep, which will be further explained by discussing the results
of regression with stress range dependent law.

4.2. Regression with Stress Range Dependent Constitutive Model in Section 3.3.3

In this model, it was assumed that creep proceeds linearly (with creep stress exponent
1) at lower stresses and with power law creep exponent at least >1 (for most materials it is
>3) at higher stresses. The extended lines of linear and power law creep would intersect
in the transition point in the Norton plot with strain rate

.
ε0 and stress σ0, described

with Equation (4).
As described in the previous discussion of the results of other regression models, the

linear regime at lower stresses corresponds to diffusion creep. The most likely diffusion
mechanism at investigated temperatures is Coble creep, but this assumption should be
taken with great caution. Note, that at higher temperatures the stress range of linear
creep is wider, as transition occurs at higher stresses and strains, what follows from the
Equation (4) with Arrhenius type temperature functions for

.
ε0 and σ0. The variation of

.
ε0

and σ0 with temperature is shown in Figure 11.

 

Figure 11. Variation of transition stress σ0 (a) and transition strain rate
.
ε0 (b) with temperature.

As described in Section 3.3.3, the wide range of constants in the power law range
would provide a good fit with experiment, as not enough data are available in the power
law range. Two options, both with good accuracy, n = 7 and n = 13, were presented.
The mechanism of steady-state creep deformation with stress exponents > 7 is not clearly
resolved [41]. The most likely mechanism is dislocation climb facilitated by short path
diffusion of vacancies through the large number of dislocation cores generated at high
applied stresses [41]. Controlling mechanism for such stress exponent was also supposed
to be a vacancy diffusion caused by vacancy supersaturation by Sherby and Burke [42],
breakup of subgrain walls by Pharr [43] and cross slip or cutting of forest dislocations
by Poirier [44].

5. Conclusions

Microstructure and microhardness of three near-stoichiometric compositions of Mo3Si
(Mo-23Si, Mo-24Si, and Mo-25Si, at %) produced by arc melting were compared before and
after 100 h annealing at 1600 ◦C. It was confirmed that Mo-23Si composition consists only
of Mo3Si phase, which remains unaffected by the subsequent annealing. Both composi-
tions, Mo-25Si and Mo-24Si, comprise small amount of Mo5Si3 along the grain boundaries
after processing, which completely dissolved in Mo-24Si and partially in Mo-25Si during
annealing. Additionally, as-cast Mo-25Si contains small regions of Mo3Si–Mo5Si3 eutectic,
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which are not present anymore after annealing as well. No significant change was iden-
tified in the microhardness of Mo3Si in these specimens, even when comparing different
compositions or conditions (before and after annealing). The microhardness was deter-
mined to be HV 0.5 = 1336 ± 87, which corresponds to the data published in [4]. Thus,
the composition Mo-23Si was chosen for further creep investigation as it showed phase
stability with the highest Mo3Si content. Additionally, this value was compared to the
microhardness determined for the Mo3Si phase in a two-phase zone-melted alloy Mo-15Si.
Conclusively, the properties of the Mo3Si phase in the alloy and in single-phase specimen
are similar.

For the investigation of the creep properties of Mo3Si, compression creep tests at
1093 ◦C and 1300 ◦C at varying stresses as well as at 300 MPa in the temperature range be-
tween 1050 and 1350 ◦C were performed. The results confirm the concept of the properties
of the phases in Mo-Si-B alloys as described in the introduction and in [1–3]. It is found that
Mo3Si possesses a higher creep response than Moss and Mo-Si-B alloys, but a lower creep
response than single-phase Mo5SiB2. The results were fitted to three constitutive models:
power law with constant creep exponent, stress range dependent, and power law with
temperature-dependent creep exponent. The regression using these methods showed good
agreement with the experimental data in the studied stress range. However, additional
experimental research is needed for extrapolation of the properties to higher stresses levels.
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Nomenclature and Abbreviations List

Abbreviations
BSE backscattered electrons
EDM electrical discharge machining
EDX energy dispersive X-Ray
SE secondary electrons
SEM scanning electron microscope
XRD X-ray diffraction
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Latin Letters
A material constant
a material constant
B material constant
b material constant
c material constant
d material constant
E Young modulus
n material constant
Q activation energy for the mechanism involved in the deformation process
Qa activation energy of linear creep
Qb activation energy of power law creep
R gas constant
R2 R-squared values
T test temperature
Tm melting temperature
Greek Letters
.
ε minimum creep rate
.
ε0 material constant
εp pivot point creep rate
σ stress
σ0 material constant
σp pivot point stress
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Abstract: The flow behavior of a new kind of high-strength nickel brass used as automobile
synchronizer rings was investigated by hot compression tests with a Gleeble-3500 isothermal
simulator at strain rates ranging from 0.01 to 10 s−1 and a wide deformation temperature range
of 873–1073K at intervals of 50 K. The experimental results show that flow stress increases with
increasing strain rate and decreasing deformation temperature, and discontinuous yielding appeared
in the flow stress curves at higher strain rates. A modified Arrhenius constitutive model considering
the compensation of strain was established to describe the flow behavior of this alloy. A processing
map was also constructed with strain of 0.3, 0.6, and 0.9 based on the obtained experimental flow
stress–strain data. In addition, the optical microstructure evolution and its connection with the
processing map of compressed specimens are discussed. The predominant deformation mechanism
of Cu-Ni-Al brass is dynamic recovery when the deformation temperature is lower than 973 K and
dynamic recrystallization when the deformation temperature is higher than 973 K according to optical
observation. The processing map provides the optimal hot working temperature and strain rate,
which is beneficial in choosing technical parameters for this high-strength alloy.

Keywords: nickel brass; hot deformation; constitutive model; processing map; workability

1. Introduction

Hot deformation is a complex plastic deformation processing method and can be affected by many
factors, such as strain rate, deformation and microstructure. In the automobile industry, especially
in the manufacturing of components, high wear resistance is essential. High-strength brass is often
chosen as a component material because of its good strength, toughness, and corrosion resistance and
remarkable wear resistance. High-strength brass contains an α + β or β phase which may contain
some conditional elements, such as nickel, aluminum, iron, and silicon. These additions enhance the
strength property due to solute strengthening, precipitation strengthening, and grain refinement [1,2].
In the case of nickel brass, used to fabricate synchronizer ring gears, it has a narrow deformation
temperature range in which it deforms and a fragile temperature interval, which may lead to defects in
the final component after deformation. Thus, a comprehensive study on hot compression behavior
and workability is required to successfully obtain qualified products without any deformation defects.

A constitutive equation has been widely employed to describe the flow behavior of all kinds
of metals, and has also been applied to the finite element method for simulating deformation
processes. As a result, an accurate constitutive model is important for feasible numerical simulation.
Many researchers have established constitutive models for high-strength brass [3–6], but there have
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been few reports on nickel brass. The Arrhenius model and modified Arrhenius model [7,8] have been
extensively adopted in metals and alloys for their excellent accuracy. Therefore, the modified Arrhenius
model considering the compensation of strain is employed to establish the constitutive model of
Cu-Ni-Al brass. Though the constitutive model can describe flow behavior and perform finite element
simulation during hot deformation, it lacks microstructure features to show its workability, which
means that nickel brass lacks sufficient workability information when subjected to hot deformation
processes. At present, the hot processing map is widely used to measure workability and has become
a useful method for optimizing the hot deformation parameters for metals to obtain the safe and
advisable regions for hot deformation processes. As yet, the processing map has been widely employed
for various metals, such as magnesium alloys [9–14], aluminum alloys [15,16], titanium alloys [17–21],
superalloys [22–24], steel [25–28], high entropy alloys [29,30], and copper alloys [31]. However, little
research has reported on the hot deformation behavior and processing map of the Cu-Ni-Al brass alloy
which is used to fabricate synchronizer rings. In addition, coarsening of the dynamic recrystallization
grains and inhomogeneous microstructure are universal problems in the Cu-Ni-Al nickel brass alloy
after the hot deformation process, but most practical production only focuses on the final shape of the
products rather than its forming mechanism.

As a result, this new nickel brass material is essential and there is very little research concentrating
on it. Therefore, in this study, hot flow behavior at the strain rates of 0.01, 0.1, 1, and 10 s−1 and
deformation temperature ranging from 873 to 1073 K at intervals of 50 K were investigated by a
Gleeble-3500 simulator, and microstructure features were also observed. The constitutive model and
processing map of Cu-Ni-Al nickel brass were constructed based on the experimental data to help
describe flow behavior and choose suitable hot deformation parameters. Furthermore, the combination
of the constitutive model, processing map, and microstructure evolution was applied to establish
guidelines for optimizing parameters and techniques during hot deformation processes.

2. Materials and Methods

The material used in the tests was an extruded nickel brass alloy cylinder, offered by Luzhou
Long River Mechanical Company Ltd., Luzhou, China. The chemical composition and microstructure
of the material are shown in Table 1 and Figure 1, respectively. The crystal structure of this brass
is body-centered cubic (bcc), and the phase is a β-phase matrix with granular hard-strengthening
particles. The specimens were prepared as cylinders with a radius of 8mm and a height of 12 mm for
hot compression tests. The tests were carried out on an isothermal simulator (Gleeble-3500, Dynamic
Systems Inc., New York, NY, USA) with strain rates of 0.01, 0.1, 1, and 10 s−1 and deformation
temperatures ranging from 873 to 1073 K at intervals of 50 K. The prepared specimens were heated to
experimental temperatures at a heating rate of 5 K·s−1 and held for 3 min to ensure uniform temperature
distribution. Then hot compression tests were conducted with a 60% reduction in height, meaning that
the total true strain of each specimen was 0.9. A graphite lubricant was used to reduce friction between
the interface of specimen ends and the experimental apparatus during the compression process.
Finally, the true stress and true strain curves were obtained automatically by a computer-equipped
monitor. After the tests, the specimens were quenched in room-temperature water to keep their hot
forming microstructure.

The compressed specimens were cut along the compression axis by a wire electrical discharge
machine (BMG-640X, Treasure Marge Precision Machinery Ltd., Suzhou, China) for subsequent
microstructure observations. The sections were grinded, polished, and etched in a corrosive solution
of 15 mL HNO3 + 21 mL CH3COOH + 14 mL distilled water for 10 s. The optical microstructure
of the center sections was examined by an optical metallographic microscope (Leica DM ILM, Leica
Microsystems Inc., Wetzlar, Germany).
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Table 1. Chemical composition of Cu-Ni-Al nickel brass alloy (mass fraction, %)

Elements Cu Ni Al Si Fe Zn

Mass fraction (wt.%) 54~56 6~7.3 3~4.3 2~2.5 0.5~1 Rest

       

  
(a) (b) 

Figure 1. (a) Cu-Ni-Al nickel brass cylinders. (b) The microstructure of Cu-Ni-Al nickel brass before
hot compression tests.

3. Results and Discussion

3.1. True Stress and True Strain Curves

The true stress–true strain curves of Cu-Ni-Al nickel brass obtained from compression tests
are presented in Figure 2. It can be seen that the deformation temperature and strain rate have
important effects on true flow stress under all deformation conditions. The curves clearly show that
true stress increases when the deformation temperature is decreased from 1073 to 873 K or the strain
rate is increased from 0.01 to 10 s−1, which also indicates that Cu-Ni-Al nickel brass is a deformation
temperature- and strain rate-sensitive material. This is because these processes reduce the movements
of dislocation: the migration of grain boundaries is limited by lower deformation temperatures and
there is not enough time for dynamic softening (dynamic recovery and dynamic recrystallization) at
higher strain rates. On one hand, the obstructions of dislocation motion and crystal slip become easy
due to the increased average kinetic energy of atoms at relatively high deformation temperatures [32].
On the other hand, higher temperatures promote the mobility at grain boundaries, which results
in dislocation attenuation and the nucleation and growth of dynamically recrystallized grains [33].
In Figure 2, the curves with lower strain rate (≤1 s−1) undergo high stress, then increase slowly or keep
relatively steady along with increasing strain, which means that work hardening dominates compared
with the dynamic softening mechanism, especially at lower deformation temperatures. At the same
strain rate, true stress decreases with increasing deformation temperature because the atomic kinetic
energy and atomic vibration amplitude of material increase at high deformation temperatures, which
improves the coordination of grains and eventually leads to increasing plasticity and decreasing
strength. At the same deformation temperature, true stress increases with increasing strain rate because
there is not enough time for softening and work hardening is the main deformation mechanism.
When the strain rate is 10 s−1, as shown in Figure 2d, the true stress curves rapidly reach a peak
with a value that is initially like that of the other curves, suddenly decreases visibly, then increases,
and eventually stays steady, which means that work hardening and softening are dynamically balanced.
This phenomenon at the small strain stage indicates discontinuous dynamic recrystallization under the
conditions of a high strain rate. The value of true stress ranges from 0 to 90 MPa which indicates that
this material is very soft at temperatures of 873 to 1073 K.
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(a) (b) 

 
(c) (d) 

Figure 2. True stress–strain curves of Cu-Ni-Al brass alloy under different strain rates, (a) 0.01 s−1,
(b) 0.1 s−1, (c) 1 s−1, (d) 10 s−1.

3.2. Arrhenius Model

To better understand the relationship between true stress and some deformation parameters
during hot compression tests, such as strain rate, temperature, strain, etc., the Zener–Hollomon model
(Arrhenius model) [34] was adopted. The model is usually presented as the following equations:

.
ε = AF(σ) exp(−Q/RT) (1)

F(σ) = A1σ
n1 for ασ < 0.8 (2)

F(σ) = A2 exp(βσ) for ασ > 1.2 (3)

F(σ) = A[sinh(ασ)]n for all ασ (4)

Among the above equations, ε is strain rate (s−1) and σ is characteristic flow stress (MPa), where
peak stress is used to build a model. T is absolute temperature (K). Q is deformation activation energy
(KJ·mol−1). R is the gas constant (8.314 J·mol−1·K−1). A, A1, A2, n, n1, α and β are material constants
that have no relationship with temperature, where α = β/n1. Substituting the above Equations (2)–(4)
into Equations (5)–(7) and taking the natural logarithm results in:

ln
.
ε = ln A1 + n1 ln σ−

( Q
RT

)
(5)

ln
.
ε = ln A2 + βσ−

( Q
RT

)
(6)

ln
.
ε = ln A + n ln(sinh(ασ)) −

( Q
RT

)
(7)
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According to Equations (5) and (6), the values of n1 and β can be determined to be 4.35852 and
0.13252 by calculating the average slopes of the linear fitted lines of the ln

.
ε− ln σp and ln

.
ε− σp curves

plotted on Figure 3a,b. The value of α can be calculated to be 0.030405 MPa−1 from the determined n1 and
β.

Equations (8)–(9) can be transformed according to Equation (7), and ln
.
ε− ln

(
sinh
(
ασp
))

has a linear
relationship with ln

.
ε and 1000/T in each equation, respectively. Therefore, the deformation activation

energy Q is determined by the linear fitting lines of the ln
.
ε− ln

(
sinh
(
ασp
))

and ln
(
sinh
(
ασp
))
−1000T−1

curves, as shown in Figure 3c,d. The constants n and S are the slopes of these two curves, and the average
values of n and S are 3.16684 and 4.846375, respectively. Q is determined by the ln

.
ε− ln

(
sinh
(
ασp
))

and

ln
(
sinh
(
ασp
))
−1000T−1 curves, and its calculated value is 127.6 KJ·mol−1. Additionally, much research

has shown that high activation energy is generally attributed to dynamic recovery (DRV) and dynamic
recrystallization (DRX). Thus, the dominant mechanism here is dynamic recrystallization (DRX) due
to the low activation energy Q. lnA-Q/RT is the intercept of the ln

.
ε− ln

(
sinh
(
ασp
))

curve, as shown

in Figure 3c, which can be calculated from the fitting curve of ln
.
ε− ln

(
sinh
(
ασp
))

: its average value
is 1,616,711.73.

n =
∂ ln

.
ε

∂ ln[sinh(ασ)]

∣∣∣∣∣∣
T

(8)

Q = Rn
∂ ln[sinh(ασ)]
∂(1/T)

∣∣∣∣∣∣ .
ε

= RnS (9)

As a result, the constitutive model based on peak value at all experimental deformation conditions
was constructed below; the equation was given as:

.
ε= 1616711.73sinh(0.030405σp)

3.16684 exp(−127600.73/RT) (10)
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(a) (b) 

  
(c) (d) 

Figure 3. The relationship plots between (a) ln
.
ε − ln σp, (b) ln

.
ε − σp, (c) ln

[
sinh(ασp)

]
− ln

.
ε,

(d) ln
[
sinh(ασp)

]
− 1000T−1.

The Arrhenius model based on peak stress is not exhaustive for describing the hot deformation
behavior of Cu-Ni-Al nickel brass under other levels of strain; therefore, Lin [35,36] modified the
Arrhenius model and adopted strain as a parameter of Arrhenius model. Zener and Hollomon [34]
proposed a relationship between deformation temperature and strain rate, expressed as:

Z =
.
ε exp(Q/RT) (11)

By connecting Equations (1)–(4) and (11), a modified Arrhenius model was constructed, considering
different strain ranges from 0.05 to 0.85 with an interval of 0.05 to describe the flow behavior of the
Ni-Cu-Al nickel brass alloy at other levels of strain. Material constants, such as α, n, Q and lnA,
are related to strain, as shown in Figure 4.
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(a) (b) 

  
(c) (d) 

Figure 4. Eighth-order polynomial regression results between true strain and (a) α, (b) n, (c) Q, (d) lnA.

The calculation results indicate that the material constants vary with strain, and that the constitutive
model equation for each amount of strain is independent. Therefore, to make this Arrhenius-type
constitutive model applicable to other levels of strain, the eighth-order polynomial regression method
was used to obtain the relationship between strain and these material constants. The relation between
these parameters and strain is given by Equation (12) and the determination coefficients are in
Table 2. Finally, a modified Arrhenius-type constitutive model was constructed using an introduced Z
parameter, and is given by Equation (13).

⎧⎪⎪⎪⎪⎪⎪⎨⎪⎪⎪⎪⎪⎪⎩

α(ε) = B0 + B1ε+ B2ε2 + B3ε3 + B4ε4 + B5ε5 + B6ε6 + B7ε7 + B8ε8

n(ε) = C0 + C1ε+ C2ε2 + C3ε3 + C4ε4 + C5ε5 + C6ε6 + C7ε7 + C8ε8

Q(ε) = D0 + D1ε+ D2ε2 + D3ε3 + D4ε4 + D5ε5 + D6ε6 + D7ε7 + D8ε8

ln A(ε) = E0 + E1ε+ E2ε2 + E3ε3 + E4ε4 + E5ε5 + E6ε6 + E7ε7 + E8ε8

(12)

σ =
1
α(ε)

ln

⎧⎪⎪⎨⎪⎪⎩(Z/A(ε))
1

n(ε) +
[
(Z/A(ε))

2
n(ε) + 1

] 1
2

⎫⎪⎪⎬⎪⎪⎭ (13)

where Z =
.
ε exp[Q(ε)/RT].
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Table 2. The coefficients of the eighth-order polynomial functions.

α Value n Value Q Value lnA Value

B0 0.03728 C0 2.92090 D0 123.98543 E0 13.94705
B1 0.07507 C1 1.20573 D1 669.68819 E1 75.97630
B2 −1.48702 C2 −29.70380 D2 −9346.20325 E2 −1031.15598
B3 11.32611 C3 253.75623 D3 62,537.37801 E3 6797.12177
B4 −43.91601 C4 −1012.34798 D4 −224,395.85636 E4 −24,157.72629
B5 95.56359 C5 2187.15643 D5 459,440.69083 E5 49,073.23415
B6 −118.39965 C6 −2644.25515 D6 −539,568.91491 E6 −57,213.34877
B7 78.04056 C7 1687.53405 D7 338,812.43677 E7 35,676.65667
B8 −21.24861 C8 −443.12339 D8 −88,246.43448 E8 −9230.40473

Figure 5 shows the comparison between the experimental values and predicted values using this
modified equation. The average absolute relative error (AARE), employed to quantitatively describe
the accuracy of the modified constitutive model, is 6.35%, and the root mean squared error (RMSE) is
2.71 MPa, meaning that this modified constitutive model considering strain compensation has a good
correlation capability.

  
(a) (b) 

  
(c) (d) 

Figure 5. Comparison of experimental (black line) and predicted (dots) values under strain rates of (a)
0.01 s−1, (b) 0.1 s−1, (c) 1 s−1, (d) 10 s−1.

3.3. Processing Map

3.3.1. The Principle of the Processing Map

The processing map was constructed based on the dynamic material model (DMM) to analyze the
intrinsic workability of various alloys. In DMM theory, the power dissipation (P) of materials during
hot deformation contains two parts: (1) part G which results in heat generation during deformation;
(2) part J which leads to microstructural changes. Each part can be represented in terms of flow stress,
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strain, and strain rate. In the dynamic material model, the total input power (P) of the system is given
by the below Equation (14) [37,38]:

P = σ
.
ε = G + J =

∫ .
ε

0
σd

.
ε+

∫ σ
0

.
εdσ (14)

where G represents dissipation by plastic work, J represents dissipation by microstructure evolution,
σ is flow stress and

.
ε is strain rate. The proportion of G and J during the hot forming process is defined

by strain rate sensitivity (m), and m is given by:

m =
∂J
∂G

=

.
ε∂σ

σ∂
.
ε
=
∂(ln σ)

∂(ln
.
ε)

(15)

To describe power dissipation conditions during the hot forming process quantitatively, the power
dissipation coefficient η is used, and different values of ηmay imply different forming mechanisms.
η is defined by:

η =
J

Jmax
=

2m
m + 1

(16)

where the ideal linear dissipation unit m = 1 and the maximum value of J is Jmax.
The 3D change maps of strain rate sensitivity m and power dissipation coefficient η are graphics

constituted of curves with the same values under a specific strain. Generally, a higher η-value indicates
good workability, but this is not absolute. Flow instabilities that also have a high η-value, such as
adiabatic shear bands and small cracks, should be considered and avoided. According to the principle
of maximum entropy production rate, Prasad [37,39] created a principle to determine whether the
material has workability or not based on DMM theory. The principle is given by:

ξ
( .
ε
)
=
∂ ln
(

m
m+1

)
∂ ln

.
ε

+ m < 0 (17)

where the instability parameter ξ
( .
ε
)

is a function of deformation temperature, strain rate, and strain,
because m is related to deformation temperature and strain rate at a specific strain value. Generally,
when strain is given, the first step is to find the true stress at all conditions, and then m and ξ

( .
ε
)

can be calculated and the instability map can be obtained by drawing the contour map of ξ
( .
ε
)

versus deformation temperature T and ln
.
ε. For this principle, when the value of ξ

( .
ε
)

is negative,
the material under the corresponding conditions will be unstable and may lead to instabilities such
as flow localization and adiabatic shear bands, etc., which may cause the failure of final components.
Therefore, the construction of the processing map demonstrating materials’ workability is significant
for deformation processes.

3.3.2. Construction of Processing Map

In order to establish the processing map, true stress at the strain levels of 0.3, 0.6, and 0.9 under all
deformation conditions was obtained from the true stress–true strain curves. Flow stress increased
rapidly at the initial stage, then the curves increased slightly or stayed steady with increasing strain;
this phenomenon indicates that the work hardening and dynamic softening mechanisms both appeared
during the hot deformation process, and that dynamic softening gradually becomes the dominant
mechanism, especially in the stable flow curves. The obtained data enable the plotting of curves
showing ln σ versus ln

.
ε using polynomial fitting. According to the cubic spline polynomial function

in Equation (18), the cubic spline curves for ln σ versus ln
.
ε are obtained, as shown in Figure 6.
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Subsequently, taking the partial derivative of Equation (18), the strain rate sensitivity coefficient m can
be appropriately expressed by Equation (19).

ln σ = a + b(ln
.
ε) + c(ln

.
ε)

2
+ d(ln

.
ε)

3 (18)

m =
∂(ln σ)

∂(ln
.
ε)

∣∣∣∣∣∣
ε,T

= b + 2c(ln
.
ε) + 3d(ln

.
ε)

2 (19)

 
(a) (b) 

 
(c) 

Figure 6. The relation between true stress and strain rate using ln scale, (a) ε = 0.3, (b) ε = 0.6, (c) ε = 0.9.

After making cubic spline curves of ln σ versus ln
.
ε, the polynomial coefficients a, b, c and d can

be obtained by fitting, and so the values of the partial derivative m under all experimental deformation
conditions can be calculated using Equation (19). The fluctuation in m reflects internal microstructure
evolution during the hot deformation process; it is an important index for describing superplastic
deformation behaviors. High strain rate sensitivity is more likely to obtain good plasticity properties
and low strain rate sensitivity may imply the formation of defects inside the material [40]. Figure 7
is the 3D change map of the strain rate sensitivity m at different strains. It can be seen that m is
increased with increasing deformation temperature and decreasing strain rate, in general. This is
because variation in m is related to the non-basal slip mechanism [20]. The critical stress of non-basal
slip is moderate when the deformation temperature is higher; at the same time, at lower strain rates,
enough time enables non-basal slip to become the dominant forming mechanism and raise the power
dissipation from microstructure evolution, which leads to higher values of m at both high deformation
temperatures and low strain rates. Furthermore, strain is a significant factor for m, as the value of m is
increased with increasing strain. In Figure 7, the m-values of nickel brass range from 0 to 0.33; the area
filled by warm colors such as red corresponds to high m-values and the area filled by cold colors such
as blue corresponds to low m-values. Specifically, the m-value of the Ni-Cu-Al nickel brass alloy is
approximately 0 for high strain rates with high deformation temperatures, and a maximum value of
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about 0.33 for low strain rates with high deformation temperatures. Furthermore, the peak m-value at
strain of 0.3 is higher than at 0.6 and 0.9, and the m-value at strain of 0.3 is mostly also higher than at
strain of 0.6 and 0.9 under the same deformation conditions. Moreover, the high m-value area at strain
of 0.9 is larger than at strain of 0.3 and 0.6, and the area of high m-value is increased with increasing
strain, which also confirms that strain has an effect on microstructure evolution.

 
(a) (b) 

(c) 

Figure 7. The 3D change maps of strain rate sensitivities at various strain levels: (a) strain at 0.3,
(b) strain at 0.6, (c) strain at 0.9.

It is known that the power dissipation coefficient η describes the relative rate of internal entropy
produced during the hot deformation process. According to the m-values, the power dissipation
coefficient η can be calculated using Equation (16) and so the contour maps of the power dissipation
coefficient η were constructed using an interpolation method based on a series of limited values of η at
strain levels of 0.3, 0.6, and 0.9. As presented in Figure 8, the power dissipation coefficient η tends to
increase with increasing deformation temperatures and decreasing strain rate, and the η-values range
from 0.06 to 0.49. The regions colored in red, orange and yellow, associated with η > 0.4, represent
the best conditions for hot deformation, which are at 0.01–1s-1 with deformation temperatures from
990 to 1073 K and at 0.8–10 s−1 with deformation temperatures from 900 to 1010 K at strain of 0.3.
With increasing strain, the η-values decrease, and the best conditions for hot deformation associated
with η > 0.4 are in the region of 0.02–1 s−1 along with deformation temperatures from 1000 to 1073 K
at strain of 0.9, and the area of best hot deformation is smaller than at the strain levels of 0.3 and 0.6,
which shows that the area associated with η > 0.4 shrinks with increasing strain. In addition, η changes
significantly at about 950 K: η decreases from 873 to 923 K and then increases. This phenomenon may
due to the brittle hot working region of brass. Simultaneously, the power dissipation coefficient η is also
related to dynamic recovery and dynamic recrystallization, but there is only a dynamic recrystallization
mechanism for brass due to its low stacking fault energy.
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(a) (b) 

(c) 

Figure 8. The contour maps of power dissipation η at various strain levels: (a) strain at 0.3, (b) strain at
0.6, (c) strain at 0.9.

The map of the instability parameter ξ
( .
ε
)

calculated by Equation (17) is plotted in Figure 9.
The colored region (black and gray) shows that the billets deformed under the corresponding
deformation conditions are unstable according to the criteria. It can be shown that the values of ξ

( .
ε
)

at
strain of 0.3 are all positive which means that the material can deform without any defects at strain of
0.3. With increasing strain, negative values of ξ

( .
ε
)

begin to appear in the region of high strain rate

with high temperatures. At strain of 0.9, the colored area with ξ
( .
ε
)
< 0 becomes larger than at strain

of 0.3 and 0.6. Therefore, the region of instability is larger with increasing strain; this also explains
why some complex components need several processes to be shaped as designed, especially for those
components that are too difficult to be filled by only one process. As a result, the appearance of this
region of instability indicates that this region is prone to the occurrence of defects, so hot deformation
in this region should be avoided.
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(a) (b) 

 

(c) 

Figure 9. The contour maps of the instability region at various strain levels: (a) strain at 0.3, (b) strain
at 0.6, (c) strain at 0.9.

The processing map was adopted to analyze microstructure features. The processing map consists
of strain rate sensitivity m (blue line) and power dissipation coefficient η (red line), and the workability
principle has been constructed as shown in Figure 10 at the strain levels of 0.3, 0.6, and 0.9, which was
also used to confirm the microstructure characteristics after deformation compared with the theoretical
calculations. The grey region of the map means that the corresponding deformation condition may
lead to defects, and the other region of the map means that the material under the corresponding
deformation temperature and strain rate is safe to deform without defects. There are regions framed by
a green box, which means that they are not instability regions. Figure 10a shows that all deformation
conditions are stable for deforming; with increasing strain, the instability region is expanded. The safe
region at strain of 0.9 is DOM#1 while the deformation temperature is 873–1073 K with strain of
0.01–0.85 s−1, and DOM#2 while the deformation temperature is 955–983 K with strain of 0.85–10 s−1.
The power dissipation coefficient and strain rate sensitivity are also important elements to consider
and they are discussed below.
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(a) (b) 

 
(c) 

Figure 10. The processing maps consisting of strain rate sensitivity, power dissipation coefficient,
and instability region (a) strain at 0.3, (b) strain at 0.6, (c) strain at 0.9.

3.4. Microstructure Observations

Microstructure is significantly affected by strain rate sensitivity and the power dissipation
coefficient, which means that it has a connection with strain, strain rate, and deformation temperature.
Therefore, the microstructure of compressive specimens was observed by an optical microscope
(OM) to evaluate and identify the processing map constructed above. The OM images of deformed
specimens are shown in Figures 11 and 12: the gray hard particles are distributed evenly on the
Ni-Cu-Al brass β-phase base. Figure 11a–d shows the microstructure after deformation in the safe
working region, while Figure 12a–d shows the microstructure after deformation in the instability region.
Figure 11a,b,d shows the strain rate of 0.1 s−1. In Figure 11a, the corresponding m and η are 0.22 and
0.34, respectively, and the unchanged microstructure at deformation temperature of 873 K compared
with the original microstructure indicates that dynamic recovery is the dominant forming mechanism
during hot deformation. In Figure 11b, at the deformation temperature of 973 K, the corresponding m
and η are 0.20 and 0.36, the microstructure has slightly changed compared with the original sample’s
microstructure because of heating and deformation, and some small recrystallization grains have
appeared around hard particles. With increasing strain rate, these recrystallization grains appear more
and the grain boundaries are more manifest than at the strain rate of 0.1 s−1, as shown in Figure 11c.
In Figure 11d, at the deformation temperature of 1073 K, the microstructure is different compared
with the original sample due to heating at high temperature and deformation, the grain boundary
becomes vague, and dislocation cells are clear to distinguish, which also means that it is possible that
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the deformation mechanism is dynamic recrystallization (DRX) because more energy has been used in
the microstructure evolution, with a higher power dissipation coefficient (η = 0.47).

  
(a) 873 K and 0.1 s 1 (b) 973 K and 0.1 s 1 

  
(c) 973 K and 10 s 1 (d) 1073 K and 0.1 s 1 

Figure 11. OM images of Cu-Ni-Al brass at safe region after deformation. Abbreviations: OM,
optical microscope.

In Figure 12, the corresponding deformation conditions in the optical microstructure pictures are
possibly unstable for deformation and some instability microdefects have appeared, such as mixed
crystal and flow localization. Figure 12a,c,d shows the microstructure at the strain rate of 10 s−1 and
different deformation temperatures. In Figure 12a, at the deformation temperature of 873 K, it is visible
that flow localization has occurred with a power dissipation coefficient η of 0.19, and hard particles
have assembled due to deformation. In Figure 12c,d, with increasing temperature, the microstructure
changes a lot, the grains grow with heating, the corresponding power dissipation η is 0.19 and 0.13,
respectively, and higher strain rates lead to flow localization due to the short deformation time.
In Figure 11b, mixed crystal appears because of the high temperature and high strain rate. It can
be concluded that, at the conditions of low m-value (<0.16) and low η-value (<0.24), the risk of the
occurrence of micro deformation defects is high and these two values can be employed as a criterion
for choosing proper working technique parameters.
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(a) 873 K and 10 s 1 (b) 1023 K and 1 s 1 

  
(c) 1023 K and 10 s 1 (d) 1073 K and 10 s 1 

Figure 12. OM images of Cu-Ni-Al brass in the instability region after deformation.

4. Conclusions

A series of compression tests were conducted on a Gleeble-3500 isothermal simulator, and true
stress–true strain curves were obtained at temperatures ranging from 873–1073 K and strain rates of
0.01, 0.1, 1, and 10 s−1. The conclusions of this paper are as follows:

(1) The true stress of the Cu-Ni-Al brass alloy increases with decreasing deformation temperature
and increasing strain rate.

(2) The Arrhenius constitutive model of Cu-Ni-Al brass considering compensation for strain has
been established based on experimental data; the material constants α, n, Q and lnA in the constitutive
equation are functions of strain. In addition, the predictive evaluation index AARE is 6.35%, and this
can be used to describe the flow behavior of Cu-Ni-Al brass effectively.

(3) Processing maps were constructed to identify which deformation conditions are safe for
deformation. The results show that the safe region for deformation at the strain rate of 0.9 is
deformation temperatures of 873–1073K with strain of 0.01–0.85 s−1, and deformation temperatures of
955–983 K with strain of 0.85–10 s−1.

(4) The microstructure observations show that the main softening mechanisms are dynamic
recovery and dynamic recrystallization. The phenomenon of dynamic recrystallization with newly
refined grains occurs when the deformation temperature is higher than 973 K. Finally, the main instability
microdefects are mixed crystals and flow localization, which should be avoided in physical production.
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Nomenclature

Symbol/Acronym Full Name Symbol/Acronym Full Name

OM Optical microscope σ Flow stress (MPa)

DMM Dynamic material model
.
ε Strain rate (s−1)

β Brass beta-phase (bcc) ε True strain

R
Gas constant

(8.314 J.mol-1.K-1)
A, A1, A2, n, n1, α, β, S Material constants

T
Deformation

temperature (K)
Q

Deformation activation
energy (KJ·mol−1)

P Power dissipation G Heat generation

J Microstructural changes ξ
( .
ε
)

Instability parameter

m
Strain rate

sensitivity index
η Power dissipation index
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Abstract: This paper discusses recent developments in creep, over a wide range of temperature, that
may change our understanding of creep. The five-power law creep exponent (3.5–7) has never been
explained in fundamental terms. The best the scientific community has done is to develop a natural
three power-law creep equation that falls short of rationalizing the higher stress exponents that are
typically five. This inability has persisted for many decades. Computational work examining the
stress-dependence of the climb rate of edge dislocations may rationalize the phenomenological creep
equations. Harper–Dorn creep, “discovered” over 60 years ago, has been immersed in controversy.
Some investigators have insisted that a stress exponent of one is reasonable. Others believe that the
observation of a stress exponent of one is a consequence of dislocation network frustration. Others
believe the stress exponent is artificial due to the inclusion of restoration mechanisms, such as dynamic
recrystallization or grain growth that is not of any consequence in the five power-law regime. Also,
the experiments in the Harper–Dorn regime, which accumulate strain very slowly (sometimes over a
year), may not have attained a true steady state. New theories suggest that the absence or presence
of Harper–Dorn may be a consequence of the initial dislocation density. Novel experimental work
suggests that power-law breakdown may be a consequence of a supersaturation of vacancies which
increase self-diffusion.

Keywords: creep; Harper-Dorn; power-law-breakdown

1. Introduction

This paper will review recent work that appears to allow a better understanding of the basis
of elevated temperature creep in single phase ceramics, minerals, metals, and class M (pure metal
behavior) alloys. This paper does not directly address multiphase materials such as superalloys and
dispersion-strengthened alloys. Elevated temperature creep can be described by an examination of
Figure 1 for high purity aluminum. This data was compiled by Blum [1] and represents trends in
steady-state creep behavior that are widely accepted. This plot describes steady-state creep where
hardening processes are believed to be exclusively balanced by dynamic recovery. Figure 1 shows
three regions of steady-state creep behavior ranging from:

(1) Temperatures near the melting point with a slope of 1 (stress exponent of 1), (HD).
(2) Temperatures above approximately 0.6Tm where the constant slopes for crystalline materials vary

from 3.5–7 (5-PL).
(3) Below about 0.6Tm, the stress exponent is no longer constant and power-law breakdown is

observed (PLB) This is sometime referred to as intermediate temperature creep that extends to
roughly 0.3Tm.
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Figure 1. The compensated steady-state strain-rate versus the modulus-compensated steady-state
stress for 99.999 pure Al, based on [1].

The point here is that each of these regions have been poorly understood in the past. More recent
work appears to offer clarification of the creep mechanisms for each of these regions. Each section will
be described separately.

2. General Creep Plasticity Considerations and Five Power-Law Creep

Before each section is described, there are some general features that Harper–Dorn and five
power-law creep (and perhaps PLB) have in common. First, there are three microstructural dislocation
features that are often evident in the three creep regimes. These are the Frank network dislocation
density, subgrains that may or may not be present, and the misorientation across boundaries (related
to the spacing of the dislocations in the subgrain boundaries). Work by the author [2–5] showed that
the rate-controlling process for plasticity in these regimes involved the Frank networks. Creep in both
regimes can be described without consideration of the presence of subgrains. Several other investigators,
e.g., Evans and Knowles [6], Kumar et al. [7], Northwood et al. [8], Ardell [9], Lagneborg et al. [10],
Burton [11], and many others also considered Frank networks to be the microstructural feature
associated with the rate-controlling process for elevated-temperature creep. The author further
described a generalized equation based on the network model of Evans and Knowles [6]. This will
turn out to be relevant to both the Harper–Dorn regime and the five power-law regime and possibly
the power-law breakdown (PLB). The author wrote a detailed derivation of the network model [7].
The derivation is lengthy and only the highlights will be presented here:

First the climb velocity, vc, must be calculated and the original expression comes from
Weertman [12]. vc is determined from the vacancy concentration gradient influenced by the fact that
the formation energy for a vacancy is altered by the climb (applied) stress.

vc = 2πDL·[(Ωσ/kT)]·ln(Ro/b) (1)
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where Ω is the atomic volume, DL is the lattice self-diffusion coefficient, and Ro is the diffusion distance.
The activation energy for both five-power-law creep (5PL) and low stress creep (so-called Harper–Dorn
(HD) creep) is that for lattice self-diffusion suggesting that in both regimes, edge dislocation climb
is rate-controlling (in PLB, the activation energy appears to decrease from that of the 5-PL and HD
regimes [13,14]). Note in particular that the stress exponent = 1 in Equation (1).

Weertman suggests that the approximate average dislocation velocity is:

v’ ~ vcxg/xc (2)

where xc is the climb distance and xg is the glide distance. Also,

.
εss = ρmbv′ (3)

where ρm is the mobile dislocation density. It has been phenomenologically observed that frequently
in the five-power regime,

ρ = (σss/Gb)p (4)

where ρ is the total dislocation density. This is not the Taylor equation although it is frequently claimed
such since many believe that p is about 2.0. Actually, the proper strengthening equation is:

σy
∣∣∣ .
ε,T = σ0

′ + αMGb(ρ)
1
2 (5)

where σo
′ is the strengthening effect of solutes/impurities, Peierls stress, etc., and α is a constant and

varies from 0.2 to 0.4 among metals. It should be pointed out that, even in high purity Al (99.999%
pure), σo

′ can be a significant (e.g., over half) contributor to elevated temperature strength. That is,
the strength at a fixed temperature and strain rate is the sum of an athermal (dislocation hardening)
and the thermally activated term σo

′.
Weertman suggested that the total dislocation density is equal to the mobile dislocation density

(probably a bit unrealistic) which leads to:

.
εss = K·Dsd/bGΩ/kT

(
xg/xc

)
·(σ/G)3 (6)

which is often referred to as the “natural three power law” equation. The problem is that the stress
exponents in the “five-power law regime” are 3.5–7 and typically five. The exponent for high purity
aluminum in Figure 1 is about 4.5. The creep plasticity community has not been able to derive an
equation for five-power law creep and this has been a deficiency for a very long time. There have been
mathematical gymnastics performed to derive a higher stress exponent (including Weertman [15]),
but these have not been embraced by the community, and the natural three power law creep equations
have persisted [16].The author also showed that in both Cu and Al, long-range internal stresses are not
evident and the only the applied stress is relevant [17].

3. The So-Called Harper–Dorn Regime

Blum’s plot in Figure 1 also suggests that at very low stresses (often in association with high
temperatures) a new creep regime has been reported (over 60 years ago) that was termed Harper–Dorn
(HD) creep [18]:

.
εss = AHD

(
DsdGb

kT

) (
σ
G

)1
(7)

where AHD is a constant and the other terms have their usual meanings. Many investigators observed
that unlike the higher stress five-power law regime, the steady-state dislocation density is constant in
the so-called Harper–Dorn regime. As pointed out in a review by the author [19], the power of one has
been observed in a variety of materials including Al [5–7,20], Ti [21], Fe [22], Co [23], Zr [24], and Sn [20].
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It has also been suggested to be observed in ceramics such as CaO [25], UO2, [26] MgO [27,28],
NaCl [29,30], and also ice [31]. In the case of Al and Pb [20], a failure to observe Harper–Dorn occurred,
and five power-law was observed instead at stresses associated Harper–Dorn observations. The early
low-stress experiments, primarily of metals, indicated that Harper–Dorn includes:

1. Activation energy about equal to lattice self-diffusion,
2. Grain-size independence with grain boundary shearing,
3. Steady-state stress exponent of one,
4. Dislocation density that appears independent of stress, and
5. A primary creep stage.

Items 2 and 5 were considered important as these preclude Nabarro-Herring diffusional creep [3]
(which may not exist). Nabarro-Herring does not have a primary creep stage and must have a grain
size dependence. There have been several theories to justify Equation (7) [32–36] and all, basically,
suggest that, since ρ is constant, only dislocation climb affects the stress exponent with a value of one
(Equation (1)). Interestingly, more recent work by the author and others [37–39] indicates that at least
under some conditions, the stress exponent is larger than one, as in Figure 2. The author’s work suggest
that this is a consequence of a non-constant dislocation density. In fact, for Al single crystals deformed
in the so-called Harper–Dorn regime, the exponent “p” is roughly two in Equation (4) giving rise to a
stress exponent of about three. It is possible that, in some cases at high (Harper–Dorn) temperatures
and/or low stresses, the network dislocation density is not constant as widely presumed.

 

Figure 2. A comparative presentation of the main studies on pure Al at very low stresses and at
temperatures close of 0.99Tm. G is the shear modulus and b is the Burgers vector. D is the lattice self-
diffusion coefficient.

The author speculated [39,40] that variation in the stress-exponent behavior in the Harper–Dorn
regime might be explained by the value of the starting dislocation density in the material (just before
the application of a stress) and the observation that even after annealing single crystals for a year,
the dislocation density remains a constant; it reaches a “frustration” value (ρf). There is no quantitatively
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way to predict this value at this time. Further annealing cannot decrease below the value of ρf even
after annealing at very high temperatures for over a year in the three materials examined, LiF, NaCl
and Al, all single crystals.

The frustration dislocation density is fairly low and initial values of ρ just before applying the
stress at elevated may be higher than the frustration value as illustrated in Figure 3. But also, as the
author discovered [41] for Al, the initial dislocation density can be lower than ρf. Nes and Nost [42]
discovered that very slow cooling of Al from the melt can produce dislocation densities that are especially
low, significantly below the frustration dislocation density. In contrast, Figure 4 shows that the initial
dislocation density is relatively high for LiF. Nes and Nost [42] also found a stress-dependency of
the dislocation density in the Harper–Dorn regime. Dislocation density measurements using X-ray
topography showed that ρwas dependent on stress by σ1.3. Thus, in two cases [41,42], it appears that if
the starting dislocation density is below ρf, then Harper–Dorn creep may not be observed and that (regular
or normal) five-power law creep is observed instead. Blum et al. [38], also observed five-power law creep
in Al, but did not determine the initial dislocation density. Additional experiments were performed by
McNee and coworkers [40] on 99.999 pure Al. These investigators, consistent with Blum et al. and the
author’s work [38,41], observed the extension of five-power-law creep into Harper–Dorn regime.

Most recently, Singh et al. [39] were the first to discover that low stress/high-temperature creep in
LiF is consistent with Harper–Dorn creep (i.e., Equation (7)). Work on Pb by Mohammed et al. [20] also
found that this metal does not evince Harper–Dorn creep. Dislocation densities were not measured,
see Figure 3. Plots the dislocation density of Al deformed to steady state both within the five-power
law and the Harper–Dorn regime.

Mohammed et al. [43] reported that the microstructure of the 99.9995 Al includes wavy grain
boundaries, an inhomogeneous dislocation density distribution as determined by etch pits, small
new grains forming at the specimen surface and large dislocation density gradients across grain
boundaries. Well-defined subgrains were not observed. However, they found that the microstructure
of the deformed 99.99 Al consists of a well-defined array of subgrains and exhibits five power law
behavior. These observations led Mohammed et al. to conclude that the restoration mechanism taking
place during so-called “Harper–Dorn creep” includes discontinuous dynamic recrystallization (DRX)
in addition to dynamic recovery, at least in Al. This restoration mechanism could give rise to the
periodic accelerations observed in the creep curve. It was suggested that it is difficult to accurately
determine the stress exponent due to the appearance of periodic accelerations in the creep curves.
However, Mohammed et al. [43] claimed that n = 1 exponents are only obtained if creep curves up to
small strains (1–2%) are analyzed, as was typically the case in the past. Mohamed et al. estimated
stress exponents of about 2.5 at larger strains for high purity polycrystalline DRX specimens of Al.
Also, Singh et al. [25] in 99.999% pure LiF single crystals observed a power-1.5 behavior [14] in the HD
regime. The exponent was independent of strain and the dislocation density is constant for a fixed
stress for a period of over one year.

It is important to utilize single crystals in HD experiments as grain boundary migration can be
an independent restoration mechanism [44]. Care must also be taken to ensure that discontinuous
dynamic recrystallization is not occurring in Al as DRX may occur even at ambient temperature albeit
at relatively large strains. [45,46]. It is possible that Mohammed et al. observed grain growth as an
additional restoration mechanism rather than DRX [44]. Kumar et al. [41] never observed DRX nor
subgrains in Al single crystals deformed in the HD regime and observed a stress exponent slightly
over 3. Power-one is legitimate in some cases even in the absence of restoration mechanisms that are
not significant in five power-law creep where steady-state is a balance between dynamic recovery
and hardening. It should be pointed out that McNee et al. [47] also tested Al of both 99.999 and
99.99%purity and did not observe Harper–Dorn behavior with either purity. It should be mentioned
that Blum et al. [38] did not confirm Harper–Dorn creep in 99.99% pure oligo-crystal aluminum. Rather
they observed normal five-power law creep extend to very low stresses within the HD regime [38].
The starting dislocation density was not measured. According to Blum et al., one explanation for others
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not observing stress exponents of one (Harper–Dorn creep) is that there were insufficient strains to
reach steady-state.

Figure 3. The stress dependence of the dislocation density in Al is measured by etch-pits at lower
stresses and transmission electron microscopy (TEM) at higher stresses. The dislocation density does
not always remain constant in the low-stress (HD) regime. The dislocation density increases with stress
and it is consistent with the projected values based on 5-power-law trends.

ρ 

T

Figure 4. Variation of the network dislocation density, as measured using etch-pit method, as a function
of static annealing time.

Figure 5 demonstrates that whenever the starting dislocation density is at or greater than ρf, then
substantial hardening may not be observed as the dislocation density reduces to a frustration value
(ρf) and a low (e.g., 1–2) stress exponent is observed. The as-grown material will recover some of the
dislocation density before the application of the stress once the as-received material equilibrates to the
test temperature. However, if the dislocation density is low then hardening can occur and (normal)
five-power law behavior is observed. The basis for dislocation network frustration is unclear. Certainly,
further decreases from ρf is thermodynamically favored. Ardell [9] proposed that coarsening of the
network requires that Frank’s rule is satisfied at the nodes. The sum of the Burgers vectors must always
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sum to zero. Ardell suggested that frustration occurs when further coarsening is impossible when
Frank’s rule can no longer be satisfied.

Figure 5. Schematic representation for the observed dislocation density behavior in the low-stress
regime based on the initial dislocation densities. In “A”, the initial dislocation density is relatively high;
it is higher than the frustration dislocation density marked by the dotted line at “B”. If the dislocation
density starts at “A” (which would be the dislocation density on the application of the stress in the
creep test and perhaps lower than the “as received” dislocation density) it would decrease to “B” and
subsequently remain constant. This would give rise the Harper-Dorn creep with a stress exponent of
one. With a starting dislocation density of “C”, on the other hand, the dislocation density is relatively
low (less than the frustration density for higher initial dislocation density values such as “A”) on the
application of the stress, then the dislocation density will continually increase with increasing stress and
five-power-law behavior may be observed. The exponent “m” is the steady-state strain rate sensitivity
which is about five.

The LiF data is illustrated in Figure 6. It can be noted that the plot suggests a stress exponent of
about 1.6, as mentioned earlier, in the HD regime (which is greater than the value of one in Equation (7)).
Interestingly, other materials such as Cu and CaO [25] deformed in the HD regime also have values
closer to 2 than 1. Recent work by Mompiou et al. and Kabir et al. [48,49] suggested that the climb
velocity dependence on the stress has a stress exponent greater than 1 based on computational modeling
of the climb process. Thus, there may be inaccuracy in Equation (1). The stress exponent of 1 in
Equation (7) is a consequence of the effect of the applied stress on the dislocation climb-rate based on
the analytic projection by Weertman. The deviation of the stress exponent may imply that the stress
exponent for five power-law creep and Harper–Dorn creep (constant dislocation density with changes
in stress) could be both higher than 3 (Figure 1) and 1, respectively. It should be mentioned that
Harper and Dorn did not use the applied stress in obtaining a stress exponent of one for polycrystalline
Al. Rather they subtracted a surface tension stress from the applied stress. The extrapolation of the
stress to zero strain-rate results in a positive stress. Another investigation did not observe this. Had
Harper and Dorn not subtracted this stress, a stress exponent of three would have been observed.
Overall, it appears that Harper–Dorn (stress exponents of one) is not commonly observed in Al as is
widely believed.
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Figure 6. Variation of the steady-state strain rate as function of the true stress in LiF.

4. Power law Breakdown

There have been various explanations for PLB [50–54]: (1) It has been proposed that there is a
change in the rate-controlling mechanism of steady-state plastic flow from dislocation climb-control in
5-PL to glide-control in PLB. However, this proposition is sometimes based on the presence of internal
stress which does not appear to be reasonable as the long-range internal stresses (usually suggested
to give rise to high local stresses at dislocation heterogeneities) appears to be low in both the PL and
PLB regimes [17]. (2) Only recently has vacancy supersaturation from plasticity been experimentally
verified in the PLB regime. The levels of supersaturation appear sufficient to create higher creep-rates,
and thus PLB. The excess vacancies would decrease the activation energy for diffusion, as observed [13,14].
(3) The changes in the diffusion coefficient from Dsd to Dp (dislocation pipe diffusion coefficient) with
large strain plasticity within the PLB regime may independently contribute to the observation of PLB [14].
Another point must be made in that references [55,56] experimentally verify vacancy supersaturation at
ambient temperature. Other, somewhat higher temperatures, within PLB were not checked. Of course,
higher temperature X-ray diffraction experiments are more difficult than those at ambient temperature.
Perhaps future experiments could be performed at other temperatures within PLB to fully verify the
coincidence between the onset of PLB and vacancy supersaturation.

5. Conclusions

Power-law, power-law-breakdown, and the so-called Harper–Dorn creep have been re-examined
in terms of some of the latest developments within these creep regimes. It appears that within the
Harper–Dorn regime, stress exponents that are higher than the expected value of one can be observed
depending on the initial dislocation density. Very low starting dislocation densities may yield stress
exponents closer to those observed in normal five power law creep. The five power-law creep exponent
may be finally explained by incorporating more realistic dislocation climb-rate stress-exponents that
may exceed a value of one according to recent computational work. Recent X-ray work assessing the
vacancy concentration in plastically deformed materials suggests that power-law breakdown may be
explained by vacancy supersaturation based on moving jogs leading to enhanced creep rates.
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