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1. Introduction

Advanced high-strength steels play an essential role in many industries and engineer-
ing applications because of their excellent combination of mechanical properties important
for design, e.g., strength, fatigue, fracture, wear, and manufacturability. In many challeng-
ing applications, structural components can be subjected to severe service conditions, and
therefore, high-strength steels are often the only choice in these applications. Therefore,
understanding the relationships between the mechanical properties and the chemical com-
position, microstructural features, and manufacturing methods are pivotal to develop safe
and durable structures.

The goal of this Special Issue is to foster the dissemination of the latest research
outcomes in the field of advanced high-strength steels from various perspectives. In this
volume, a total of thirteen papers addressing several important research problems and
developments have been collected, namely the relationship between microstructure and
mechanical properties, the effect of heat treatment variables on the mechanical behaviour,
fatigue and fracture resistance under different loading conditions, and weldability. These
articles represent a significant contribution to the research field.

2. Contributions

The interconnection between the microstructure and bulk mechanical properties has
been the focus of many investigations. The development of deep knowledge regarding the
above-mentioned relationship opens many cost-effective opportunities for new applica-
tions as well as for cost-optimisation of the current engineering designs. In this volume,
Ali et al. [1] studied the effects of chromium content on the microstructure and mechanical
properties of low-carbon bainitic steel containing niobium processed by thermomechanical
hot rolling. Chen et al. [2] evaluated the mechanical properties and the phase transforma-
tion temperature in a transformation-induced plasticity (TRIP) steel subjected to room and
high temperatures.

Currently, various heat treatment procedures are the most common methods to improve
the bulk mechanical properties of advanced high-strength steels; this may justify the intensive
research in this field. Haiko et al. [3] investigate the influence of tempering temperature on both
the microstructure and monotonic stress-strain response in a new ultra-high-strength steel with
low carbon content. Honma et al. [4] analysed the effect of intercritical quenching temperature on
the strength and toughness in a low-alloy steel developed for offshore applications. Gu et al. [5]
developed a numerical approach to evaluate the effect of different inclusions on the residual
stress profiles during the cooling process for martensitic steels. Grajcar et al. [6] addressed the
influences of isothermal holding time and temperature on the stability of retained austenite in
medium manganese bainitic steels with and without niobium addition.

Mechanical behaviour under cyclic loading is crucial for designing structural components
against fatigue. This maintains the need to understand the fatigue failure and fracture mecha-
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nisms of advanced high-strength steels under various loading histories. Wang et al. [7] studied
the collapse of an adjustable ballast tank used in deep-sea submersibles made of an ultra-high-
strength maraging steel. The fatigue crack growth in 18Ni300 maraging steel was also studied by
Antunes et al. [8], using various fracture mechanic parameters, namely the classic stress intensity
factor range and the newly proposed plastic crack-tip opening displacement. Dealing with the
same maraging steel, Mooney et al. [9] developed a constitutive elastic-plastic model to simu-
late the cyclic response of the material under strain-controlled loading conditions. Ottersböck
et al. [10] presented a new procedure based on the digital image correlation technique to track
both the fatigue crack initiation and the fatigue crack propagation regimes in butt joints made of
ultra-high-strength steel.

Establishing the link between the resultant mechanical properties of the fabricated
materials and parameters of advanced manufacturing methods is always challenging and
very important for potential applications. Santos et al. [11] evaluated fracture toughness of
maraging steel implants fabricated by laser-beam powder-bed fusion methods. Ndubuaku
et al. [12] proposed a robust and straightforward model to characterise the deformation
response of high-strength steel used in pipelines. In a comprehensive state-of-the-art review,
Królicka et al. [13] addressed the welding methods, process parameters, and weldability
aspects of different high-strength steels; in particular, high-carbon nanobainitic steels.

Author Contributions: Conceptualization, R.B., F.B. and A.K.; Writing—original draft preparation,
R.B., F.B. and A.K.; writing—review and editing, R.B., F.B. and A.K. All authors have read and agreed
to the published version of the manuscript.

Funding: This research was funded by FEDER funds through the program COMPETE—Programa
Operacional Factores de Competitividade—and by national funds through FCT—Fundação para a
Ciência e a Tecnologia—under the project UIDB/00285/2020.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Ali, M.; Nyo, T.; Kaijalainen, A.; Hannula, J.; Porter, D.; Kömi, J. Influence of Chromium Content on the Microstructure and

Mechanical Properties of Thermomechanically Hot-Rolled Low-Carbon Bainitic Steels Containing Niobium. Appl. Sci. 2020,
10, 344. [CrossRef]

2. Chen, D.; Cui, H.; Wang, R. High-Temperature Mechanical Properties of 4.5%Al δ-TRIP Steel. Appl. Sci. 2019, 9, 5094. [CrossRef]
3. Haiko, O.; Kaijalainen, A.; Pallaspuro, S.; Hannula, J.; Porter, D.; Liimatainen, T.; Kömi, J. The Effect of Tempering on the

Microstructure and Mechanical Properties of a Novel 0.4C Press-Hardening Steel. Appl. Sci. 2019, 9, 4231. [CrossRef]
4. Honma, Y.; Sasaki, G.; Hashi, K. Effect of Intercritical Quenching Temperature of Cu-Containing Low Alloy Steel of Long Part

Forging for Offshore Applications. Appl. Sci. 2019, 9, 1705. [CrossRef]
5. Gu, C.; Lian, J.; Bao, Y.; Xiao, W.; Münstermann, S. Numerical Study of the Effect of Inclusions on the Residual Stress Distribution

in High-Strength Martensitic Steels During Cooling. Appl. Sci. 2019, 9, 455. [CrossRef]
6. Grajcar, A.; Skrzypczyk, P.; Kozłowska, A. Effects of Temperature and Time of Isothermal Holding on Retained Austenite Stability

in Medium-Mn Steels. Appl. Sci. 2018, 8, 2156. [CrossRef]
7. Wang, F.; Wu, M.; Tian, G.; Jiang, Z.; Zhang, S.; Zhang, J.; Cui, W. Failure Analysis on a Collapsed Flat Cover of an Adjustable

Ballast Tank Used in Deep-Sea Submersibles. Appl. Sci. 2019, 9, 5258. [CrossRef]
8. Antunes, F.; Santos, L.; Capela, C.; Ferreira, J.; Costa, J.; Jesus, J.A.D.S.D.; Prates, P. Fatigue Crack Growth in Maraging Steel

Obtained by Selective Laser Melting. Appl. Sci. 2019, 9, 4412. [CrossRef]
9. Mooney, B.; Agius, D.; Kourousis, K.I. Cyclic Plasticity of the As-Built EOS Maraging Steel: Preliminary Experimental and

Computational Results. Appl. Sci. 2020, 10, 1232. [CrossRef]
10. Ottersböck, M.J.; Leitner, M.; Stoschka, M.; Maurer, W. Crack Initiation and Propagation Fatigue Life of Ultra High-Strength Steel

Butt Joints. Appl. Sci. 2019, 9, 4590. [CrossRef]
11. Santos, L.M.S.; De Jesus, J.; Ferreira, J.M.; Costa, J.; Capela, C. Fracture Toughness of Hybrid Components with Selective Laser

Melting 18Ni300 Steel Parts. Appl. Sci. 2018, 8, 1879. [CrossRef]
12. Ndubuaku, O.; Martens, M.; Cheng, J.J.R.; Adeeb, S. Integrating the Shape Constants of a Novel Material Stress-Strain Characteri-

zation Model for Parametric Numerical Analysis of the Deformational Capacity of High-Strength X80-Grade Steel Pipelines.
Appl. Sci. 2019, 9, 322. [CrossRef]
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Featured Application: The current results can be used as a guideline for the production of
high-strength low-carbon bainitic steels with high impact toughness.

Abstract: The effect of chromium content in the range of 1 wt.%–4 wt.% on the microstructure and
mechanical properties of controlled-rolled and direct-quenched 12 mm thick low-carbon (0.04 wt.%)
steel plates containing 0.06 wt.% Nb has been studied. In these microalloyed 700 MPa grade
steels, the aim was to achieve a robust bainitic microstructure with a yield strength of 700 MPa
combined with good tensile ductility and impact toughness. Continuous cooling transformation
diagrams of deformed and non-deformed austenite were recorded to study the effect of Cr and hot
deformation on the transformation behavior of the investigated steels. Depending on the cooling
rate, the microstructures consist of one or more of the following microstructural constituents: bainitic
ferrite, granular bainite, polygonal ferrite, and pearlite. The fraction of bainitic ferrite decreases with
decreasing cooling rate, giving an increasing fraction of granular bainite and polygonal ferrite and a
reduction in the hardness of the transformation products. Polygonal ferrite formation depends mainly
on the Cr content and the cooling rate. In both deformed and non-deformed austenite, increasing the
Cr content enhances the hardenability and refines the final microstructure, shifting the ferrite start
curve to lower cooling rates. Preceding austenite deformation promotes the formation of polygonal
ferrite at lower cooling rates, which leads to a decrease in hardness. In hot-rolled and direct-quenched
plates, decreasing the Cr content promotes the formation of polygonal ferrite leading to an increase in
the impact toughness and elongation but also a loss of yield strength.

Keywords: bainite; direct quenching; CCT and DCCT diagrams; microstructure; tensile properties;
impact toughness

1. Introduction

Thermomechanically controlled processing (TMCP) followed by direct quenching is considered
the most powerful and effective processing route to obtain the best combination of the yield strength,
good ductility, low-temperature toughness with a good hardenability in the low-carbon microalloyed
steels [1]. The final microstructure of the hot-rolled steel is considered the key factor for getting
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the targeted combination of the mechanical properties and it is controlled by the quenching process
following the TMCP. Hence, the microstructures and mechanical properties of low-carbon microalloyed
steel can be improved significantly by designing a suitable accelerated cooling/direct quenching process,
following the hot deformation schedule [2]. Depending on the chemical composition of the steel and
the cooling path, the accelerated cooling rate may promote the formation of bainite with or without the
formation of ferrite.

Low-carbon bainitic steels are used in many structural applications as a result of their good
combinations of strength and toughness. Use of structural steels for weight critical applications such
as mobile frames and crane booms is desirable to minimize the carbon footprint and save energy.
Different alloying elements like Cr, Nb, Mo, and B are used to improve the strength and toughness
through promoting the formation of bainite and refining the microstructure [3]. Bainitic ferrite and
granular bainite represent the two main microstructure constituents in low-carbon bainitic steels
and they are associated with distinct mechanical properties [4–6]. Cr is widely used to improve the
hardenability and thereby promote the formation of bainite by suppressing the formation of high
temperature transformation products [7–14].

The main objective of the current work is to develop a low-carbon steel with 700 MPa yield
strength in combination with good ductility and toughness. To help reach this goal, the effect of Cr and
preceding hot deformation of austenite on the continuous cooling transformation (CCT) diagrams of a
candidate composition was studied. Following this, the effect of Cr on the microstructures, tensile
properties, and impact toughness of hot-rolled and direct-quenched low-carbon bainitic steel plates
was investigated.

2. Materials and Methods

2.1. Materials

Three 70 kg vacuum-cast ingots with the chemical composition given in Table 1 were produced at
Outokumpu, Tornio, Finland. From the ingots, 200 × 80 × 55 mm (length, width, thickness) pieces
were cut and soaked at 1250 ◦C for 2 h and then thermomechanically rolled with six passes to 12 mm
thick plates from 55 mm thick slab. Final plate dimensions were approximately 1000 × 90 × 12 mm.
The experimental thermomechanical process consists of several hot rolling passes in the recrystallized
controlled regime followed by controlled rolling passes in the non-recrystallization regime (TNR).
The temperature of the specimens was monitored during the rolling and direct quenching with the aid
of thermocouples fixed in holes drilled to the centers of the pieces before hot rolling. The finish rolling
temperature (FRT) was controlled to be about 880 ◦C, which was followed by direct quenching in a
water tank with a cooling rate (CR) of about 40–50 ◦C/s as measured in the centers of the specimens.

Table 1. Chemical composition of the investigated steels.

Steel Code C Si Mn Cr Nb

Steel I (1 Cr) 0.041 0.211 1.02 1.0 0.065
Steel II (2.5 Cr) 0.041 0.168 0.95 2.5 0.066
Steel III (4 Cr) 0.036 0.154 0.92 4.0 0.064

2.2. CCT Diagrams

A Gleeble 3800 thermomechanical simulator (Dynamic Systems Inc., Poestenkill, NY, USA) was
used to get the dilatation curves required to construct continuous cooling transformation (CCT)
diagrams and deformation continuous cooling transformation (DCCT) diagrams. Small cylindrical
samples were machined with a diameter of 5 mm and a length of 7.5 mm for the Gleeble simulation
tests. In order to get the dilatation curves to determine the critical transformation temperatures Ac1

and Ac3, the samples were heated at 10 ◦C/s to 1100 ◦C, held for 180 s, and then quenched. To get
the dilatation curves for CCT diagrams, specimens were heated at 10 ◦C/s to 1100 ◦C, held for 180 s,
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and then quenched at different cooling rates (CRs) ranging from 2 to 80 ◦C/s as shown in Figure 1a.
To obtain the dilatation curves for DCCT diagrams, the specimens were heated at 10 ◦C/s to 1100 ◦C,
held for 180 s, cooled at 2 ◦C/s to 880 ◦C, held there for 15 s, given a compressive deformation with
a total strain of 0.6 and a strain rate of 1 s−1, held for 20 s, and finally cooled at different rates in the
range of 2–80 ◦C/s to room temperature (see Figure 1b).

−

–

  

(a) (b) 

–

−

Figure 1. Gleeble thermomechanical simulator procedures for obtaining continuous cooling
transformation (CCT) diagrams (a) and deformation continuous cooling transformation (DCCT)
diagrams (b).

2.3. Microstructure Characterization

For the thermomechanical simulation specimens, Figure 2 shows the selected section for all further
investigations. All specimens were ground to the selected section and polished following standard
procedures. Then, depending on the CR, samples were etched for 15–50 s in fresh 10% nital.

−

–

–

−

Figure 2. Selected section of investigation for the samples after thermomechanical simulation.

Specimens from hot-rolled plates were ground, polished, and etched in 2% nital. An additional
polishing step was done using 0.04 µm silica for EBSD analysis. Microstructures were examined using
laser scanning confocal microscopy (LSCM, VK-X200 Keyence Ltd.) and Zeiss Sigma field emission
scanning electron microscopy (Carl Zeiss AG, Oberkochen, Germany) with EDAX-OIM acquisition
and analysis software (7.1.0, Amatek Inc., Berwyn, PA, USA). Electron backscatter diffraction (EBSD)
analyses using Zeiss Sigma FESEM, were carried out on hot-rolled specimens using 15 kV accelerating
voltage with a 0.2 µm step size.

2.4. Mechanical Properties Characterization

For the tensile properties, longitudinal flat tensile specimens, 11.7 mm thick, 20 mm wide, and
with a parallel length of 120 mm, were tested at room temperature according to the standard SFS-EN
10002-1 using an MTS 810 mechanical testing machine fitted with a 100 kN load cell (MTS systems,
Eden Prairie, MN, USA). The results are the means of three specimens for each steel composition.

The 28 J Charpy V transition temperatures (T28J) of the rolled plates were determined using two
standard (10 × 10 × 55 mm) Charpy V-notch impact test specimens per test temperature for both the
longitudinal and transverse directions. Tests were made at temperatures in the range of −120 to +20 ◦C
using a 300 J Charpy testing machine. The fracture surfaces of Charpy V impact samples broken at
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room temperature (20 ◦C) were examined using a Zeiss Sigma FESEM at 8 kV accelerating voltage at a
working distance of 8.5 mm.

Hardness was measured using a Struers Duramin-A300 (Struers A/S, Ballerup, Denmark)
macro-hardness tester at five random positions across the thermomechanical simulation specimens,
while for the hot rolled specimens, a representative hardness value was obtained from the mean of five
sets of seven suitably spaced hardness impressions through the thickness.

3. Results and Discussion

3.1. CCT and DCCT Diagrams

Figure 3 shows CCT and DCCT diagrams constructed on the basis of the results of dilatation curves,
microstructures, and macrohardness values. Increasing the Cr content from 2.5 wt.% to 4 wt.% led to
an increase in Ac1 by about 35 ◦C, otherwise it has no effect on the critical transformation temperatures.
LSCM and SEM micrographs of the final transformation products formed from non-deformed and
deformed austenite after cooling at 2 and 80 ◦C/s are shown in Figures 4–7.

–

–

–

–

–

–

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 3. CCT (a,c,e) and DCCT (b,d,f) diagrams for Steels I (a,b), II (c,d), and III (e,f). Abbreviations:
BF = bainitic ferrite, GB = granular bainite, and PF = polygonal ferrite.
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Figure 4. Laser scanning confocal microscopy (LSCM) micrographs of Steel I (a,d), II (b,e), and III (c,f)
without austenite deformation after cooling at 80 and 2 ◦C/s, respectively. Abbreviations: BF = bainitic
ferrite, GB = granular bainite, and PF = polygonal ferrite.

 

Figure 5. Scanning electron microscopy (SEM) micrographs of Steel I (a,d), II (b,e), and III (c,f) without
austenite deformation after cooling at 80 and 2 ◦C/s, respectively. Abbreviations: BF = bainitic ferrite,
GB = granular bainite, and PF = polygonal ferrite.

 

–

Figure 6. Laser scanning confocal microscopy (LSCM) micrographs of Steel I (a,d), II (b,e), and III (c,f)
with austenite deformation after cooling at 80 and 2 ◦C/s, respectively. Abbreviations: BF = bainitic
ferrite, GB = granular bainite, PF = polygonal ferrite, and P = pearlite.
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Figure 7. Scanning electron microscopy (SEM) micrographs of Steel I (a,d), II (b,e), and III (c,f) with
austenite deformation after cooling at 80 and 2 ◦C/s, respectively. Abbreviations: BF = bainitic ferrite,
GB = granular bainite, PF = polygonal ferrite, and P = pearlite.

For Steel I, with the lowest Cr content, the preceding hot deformation had a great effect on the
microstructural constituents (see Figure 3a,b and Figure 4a,d, Figure 5a,d, Figure 6a,d and Figure 7a,d).
In the case of the non-deformed condition, the microstructure was a mixture of bainitic ferrite (BF) and
granular bainite (GB) over a wide range of CRs. Deforming the austenite changed the microstructure
to fully polygonal ferrite (PF) at all the investigated CRs, apart from the appearance of a very small
fraction of pearlite at CRs in the range of 2–20 ◦C/s (Figure 6d) which could not be detected from the
dilatation curves. These changes had a clear impact in the hardness of the specimens.

For Steel II (Figure 3c,d, Figure 4b,e, Figure 5b,e, Figure 6b,e and Figure 7b,e), depending on the
CR, BF, GB, and PF were observed in the non-deformed and deformed conditions. Again, a small
fraction of pearlite which could not be detected in the dilatation curve was found for CRs in the range
of 2–10 ◦C/s. Here too, preceeding hot deformation caused a drop in hardness.

For Steel III (Figure 3e,f, Figure 4c,f, Figure 5c,f, Figure 6c,f and Figure 7c,f), increasing the
CR refined the microstructure, promoted the formation of BF and suppressed the formation of the
high-temperature transformation products, i.e., GB and PF, in the case of both the non-deformed and
deformed conditions. However, in the case of deformed austenite, the formation of BF requires a
higher CR than is needed for undeformed austenite. For both non-deformed and deformed austenite,
irrespective of the microstructural constituents, CR has little effect on the transformation temperatures
and hardness.

3.2. Influence of Cr Content on the CCT and DCCT Diagrams and Hardness

As commonly observed [13–17], the hardenability of the present steels increases with increasing
Cr content. This shows as a lowering of transformation temperatures in both CCT and DCCT diagrams
as the Cr content increases, see Figure 8, which promotes the formation of the low-temperature
transformation product BF and reduces the formation of the transformation products that form at
relatively high temperatures, i.e., PF and GB.

As can be seen from Figure 9, the effect of the preceding hot deformation on the transformation
products is decreased with increasing Cr content. In the case of Steel I, with the lowest Cr content
(1 wt.%), prior hot deformation had a great effect on the transformation curves which shifted to
significantly higher temperatures as a result of ferrite formation. This caused a significant drop in
hardness as can be seen from Figure 10. This behavior results from the dislocation substructure formed
in the austenite after deformation in the non-recrystallization region, which provides nucleation sites
and diffusional paths for the diffusional transformation products [18,19]. In the case of Steel II (2.5 wt.%
Cr), the preceding hot deformation shifted the transformation curves of ferrite to higher CRs, while Bs
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shifted to lower temperatures. These changes led to an increase in the formation of PF and GB, while
the formation of BF was reduced even at high CRs. However, in the case of Steel III with the highest Cr
content (4.0 wt.%), the effect of the preceding hot deformation on the transformation temperatures and
products became very small. The transformation curves were shifted to slightly lower temperatures,
but this effect decreased with increasing cooling rate. Austenite deformation increased the fraction of
GB somewhat at the lower CRs. The insensitivity to deformation also reflected in the final hardness as
a function of cooling rate as shown in Figure 10.

–

  
(a) (b) 

Figure 8. Influence of Cr content on the transformation temperatures for CCT diagrams (a) and DCCT
diagrams (b). Abbreviations: Fs = ferrite start temperature, Ff = ferrite finish temperature, Bs = bainite
start temperature, and Bf = bainite finish temperature.

–

(a) (b) (c) 

Figure 9. Influence of austenite deformation on CCT curves for a Cr content of 1 wt.% (a), 2.5 wt.% (b),
and 4 wt.% (c). CCT curves bold and DCCT curves dotted. Abbreviations: Fs = ferrite start temperature,
Ff = ferrite finish temperature, Bs = bainite start temperature, and Bf = bainite finish temperature.

–

 

Figure 10. Influence of CR, Cr content, and prior hot deformation on hardness.
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At all CRs, the hardness values increased with increasing the Cr content (Figure 10). This is due to
the higher solid solution strengthening combined with the lower transformation temperatures which
refine the microstructure significantly (see Figure 6a–c). Overall, it can be concluded that austenite
deformation with a high Cr content lowers the transformation temperatures, while transformation
temperatures are increased in the case of low Cr contents.

3.3. Microstructure of the Hot Rolled and Direct-Quenched Steel Plates

The microstructures of the hot rolled and direct-quenched steel plates have been examined in order
to evaluate the effect of Cr content in the case of laboratory scale rolling. As a result of the accelerated
cooling, the microstructure of the three steel plates consists mainly of one or more of the following
microstructural components: BF, GB, PF, and coalesced bainite (CB) (see Figure 11). Figure 12 shows
inverse pole figures (IPF) with superimposed image quality (IQ) maps, grain boundary misorientation
distributions, and grain sizes. The effective grain was determined as the equivalent circle diameters
(ECD) of grains surrounded by boundaries having misorientation angles >15◦. The effective high-angle
grain sizes at the 90th percentile in the cumulative grain size distribution (D90%) were also determined.
The grain boundary misorientation distribution of Steel I, with the lowest Cr content, supports the
LSCM and SEM observations that Steel I consisted mainly of GB with a large fraction of PF. Steel I also
had a large mean effective grain size and D90%. Increasing the Cr content to 2.5 wt.% in case of Steel II
led to an increase in the hardenability, an increase in the fraction of BF, and a reduction in the fraction of
GB and PF, which are associated with reductions in the mean effective grain size from 2.66 to 2.12 µm
and D90% from 30.85 to 24.35 µm. The frequency of misorientation at about 58◦ increased compared
to that of Steel I. With the further increase in the Cr content in the case of Steel III, the hardenability
increased significantly, which promoted the formation of BF and suppressed the formation of PF and
GB. This was associated with further reductions in the mean effective grain size from 2.12 to 1.86 µm
and D90% from 24.35 to 17.12 µm, together with a further increase in the frequency of misorientation at
about 58◦ compared to that of Steel II.

In summary, increasing the Cr content was associated with a significant change in the
microstructural components, an increasing grain boundary misorientation frequency at about 58◦, and
a reduction in the mean effective grain size and D90%.

 

Figure 11. Typical LSCM and inlens SEM micrographs of the investigated hot-rolled and direct-quenched
plates. PF and GB in Steel I (a,d), BF and PF in Steel II (b,e), and BF and CB in Steel III (c,f). Abbreviations:
BF = bainitic ferrite, GB = granular bainite, PF = polygonal ferrite, and CB = coalesced bainite.
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                         (d)                         (e) 

Figure 12. Inverse pole figures (IPF) with superimposed image quality (IQ) maps of hot-rolled and
direct-quenched steel plates for Steel I (a), Steel II (b), Steel III (c). Grain boundary misorientations are
given in (d) and mean effective grain sizes and D90% in (e).

3.4. Mechanical Properties

The variation in the tensile properties, mean hardness values, and 28J transition temperatures (T28J)
estimated from the impact tests are given in Table 2 and Figure 13. In addition, the through-thickness
hardness profiles and impact transition curves are shown in Figure 14.

Table 2. Mechanical properties of the investigated steels.

Steel Code YS 1,
MPa

UTS 1,
MPa

El 1, %
Hardness 2,

HV
T28J (◦C)

USE
J/cm2 YS/UTS

UTS*El
(MPa *%)

Steel I (1 Cr) 560 ± 7 756 ± 2 17 ± 0 252 ± 6 −118 318 0.74 13034
Steel II (2.5 Cr) 699 ± 3 909 ± 4 14 ± 0 292 ± 7 −84 270 0.77 12852
Steel III (4 Cr) 780 ± 9 982 ± 8 12 ± 0 312 ± 7 −78 265 0.79 12238

1 Error bars are standard deviations of three measurements. 2 Error bars are standard deviations of 35 measurements
through the thickness. Definitions: YS = yield strength, UTS = ultimate tensile strength, El = total elongation,
T28J = 28J transition temperatures, USE = upper shelf energy.

−118
−84
−78

 
Figure 13. Effect of Cr content on the hardness, yield and ultimate tensile strength (a) and elongation
and 28J transition temperature (b).
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(a)                                    (b) 

–

Figure 14. Through-thickness profile (a) and Charpy V impact transition curves (b).

Both Steels II (2.5 Cr) and III (4 Cr) were able to provide the targeted 700 MPa level of yield
strength, which is a widely used strength class among high-strength structural steels [20]. Steel I
(1 Cr) provided a lower yield strength of 560 MPa with a high elongation to fracture as a result of the
formation of PF. The higher impact toughness of Steel I (1 Cr), in respect to higher upper shelf energy
and lower T28J temperature compared to Steels II (2.5 Cr) and III (4 Cr) resulted from the presence of
PF and GB, which contains martensite-austenite (M/A) islands (see Table 2 and Figure 14). It is well
known that the presence of PF enhances the toughness properties [4]. On the other hand, the presence
of M/A constituents in the lath-like granular bainite is detrimental to impact toughness [21]. Figure 15
shows that despite a refinement of the effective mean and 90th percentile grain size, increasing the
Cr content was associated with poorer impact toughness, i.e., higher T28J. Presumably this is due
to the combined detrimental effects caused by an increase in the fraction of BF and higher yield and
tensile strength.

 

–

Figure 15. Relationship between effective high-angle grain sizes at the 90th percentile in the cumulative
size distribution (D90%) and the 28-joule transition temperature (T28J).

The adverse effect of the high fraction of PF (see Figure 11a) on the hardness in Steel I can be
seen clearly in Figure 14a. As mentioned above, increasing the Cr content enhanced the hardenability,
promoted the formation of the low-temperature transformation product BF, and hindered the formation
of the high-temperature transformation products PF and GB, thereby enhancing the hardness in the
case of Steels II and III (see Table 2) [22]. Moreover, due to the higher hardenability of the high-Cr
steels, the hardness was fairly uniform throughout the plate thickness as shown in Figure 14a.

As can be seen in Figure 16, there is a correlation between the yield strength and T28J. It can
be seen that the targeted yield strength could still be achieved with good impact toughness in the
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hot-rolled and direct-quenched plates when the Cr content was in the range of 2.5 wt.%–4 wt.%, but
not in the case of the lowest Cr content (1 wt.%) due to the formation of a significant fraction of PF
which improved the impact toughness and tensile elongation to fracture, but at the expense of the
yield strength.

–

 

Figure 16. Relationship between yield strength and 28 joule transition temperature.

3.5. Fractography

Figure 17 shows fractographs of selected areas from the Charpy V impact samples at room
temperature (20 ◦C). An effect of the Cr content on the fractography of the impact samples can be
clearly observed. In the case of Steel I (1 Cr) (Figure 17a,b), the fracture surface consisted mainly of
elongated dimples due to the microvoid coalescence associated with ductile fracture. In Steels II and
III with the higher Cr content of 2.5 wt.% and 4 wt.%, the fracture surface consisted mainly of many
small dimples with less ductility compared to that of Steel I (see Figure 17c–f, respectively). These
results are in line with the value of upper shelf energy (USE) given in Table 2 which illustrates the
closeness of the USE of Steels II and III in contrast to Steel I.

–

 

Figure 17. SEM images showing fractographs of the impact fracture surface after testing at room
temperature (20 ◦C) for Steel I (a,b), Steel II (c,d), and Steel III (e,f).
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4. Conclusions

Thee experimental steels were designed based on (in wt.%) 0.04C-0.2Si-1.0Mn-0.06Nb with
1 wt.%, 2.5 wt.%, and 4 wt.% Cr and processed through laboratory hot rolling followed by direct
quenching. The effect of the Cr content on the continuous cooling transformation (CCT) diagram
and deformation continuous cooling transformation (DCCT) diagram was studied. A Gleeble 3800
thermomechanical simulator was employed to determine the dilatation curves for the CCT and DCCT
diagrams. In addition, the effect of the Cr content on the final microstructure and mechanical properties
of the hot-rolled and direct-quenched materials was studied. The following conclusions can be drawn.

1. In the case of non-strained austenite, the microstructure consists mainly of bainitic ferrite at
high CRs, a mixture of bainitic ferrite with granular bainite at intermediate CRs, and polygonal
ferrite with granular bainite at the lowest CRs. Increasing the Cr content and CRs refined
the microstructure significantly. In addition, increasing the Cr content led to an increase in
the hardenability, i.e., a decrease in transformation temperatures, as well as the promotion of
bainite at the expense of the high-temperature transformation products like polygonal ferrite and
granular bainite.

2. In the low-Cr steel, deformation of austenite below its recrystallization temperature has a large
effect on the final microstructural constituents, changing the microstructure completely to ferrite
at all the investigated CRs and causing a large drop in hardness relative to the non-deformed
case. However, this effect decreased with increasing the Cr content.

3. To get a fully bainitic microstructure in the case of deformed austenite, the Cr content should be
in the range of 2.5 wt.%–4 wt.%, and the CR should be higher than 20 ◦C/s.

4. In the case of the 12 mm thick hot-rolled and direct-quenched steel plates, the microstructure
consisted mainly of different types of bainite, i.e., bainitic ferrite, granular bainite, and coalesced
bainite. A significant amount of polygonal ferrite only appears at the lowest Cr level, i.e., 1 wt.%.
Increasing the Cr content led to an increase in the hardness owing to an enhanced hardenability.

5. The targeted 700 MPa yield strength with good ductility and toughness were achieved in the
hot-rolled and direct-quenched plates with Cr content in the range of 2.5 wt.%–4 wt.%, but not
achieved with the lowest Cr content (1 wt.%) due to the presence of a significant fraction of
polygonal ferrite, which increased the impact toughness and elongation at the expense of the
yield strength.
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Featured Application: δ-TRIP steel, a product of ultimate tensile strength (UTS) and total
elongation (TE) similar to the third generation of advanced high-strength steels (AHSS),
is expected to become the materials of automobile safety parts and structural parts.

Abstract: The high-temperature mechanical properties of a 4.5% Al-containing δ-transformation-
induced plasticity (TRIP) steel were studied by using the Gleeble 3500 thermomechanical simulator.
The zero ductility temperature (ZDT) and the zero strength temperature (ZST) were measured, and the
brittle zones were divided. The phase transformation zone was determined by differential scanning
calorimetry (DSC). The temperature of the phase transformation and the proportion of the phase
were calculated by the Thermo-Calc software. The ZDT and the ZST of the 4.5% Al-containing
δ-TRIP steel are 1355 and 1405 ◦C, respectively. The first brittle zone and the third brittle zone of
the steel are 1300–1350 ◦C and 800–975 ◦C, respectively. The reason for the embrittlement of the
third brittle zone of the 4.5% Al-containing δ-TRIP steel is that the α-ferrite formed at the austenite
grain boundary causes the sample to crack along the grain boundary under stress. The ductility
of the 4.5% Al-containing δ-TRIP steel decreases first and then increases with the increase of the
α-ferrite. When the proportion of the α-ferrite reaches 37%, the reduction of area (RA) of the 4.5%
Al-containing δ-TRIP steel is reduced to 44%. The 4.5% Al-containing δ-TRIP steel has good resistance
to the high-temperature cracking.

Keywords: high-temperature mechanical properties; crack-sensitive zone; brittle zones; phase
transformation; equilibrium phase diagram

1. Introduction

Transformation-induced plasticity (TRIP) steel refers to ultrahigh-strength steel that is
ductility-elevated due to gradual martensitic transformation processes in steel structures. When
there is a high content of Al in alloying elements (the Al content is higher than 3%), it is found that,
during the solidification process, the δ-ferrite does not participate in the reaction and remains in the
whole temperature range, so it is named δ-TRIP steel. Recently, δ-TRIP steel, due to its low density,
a product of ultimate tensile strength (UTS) and total elongation (TE) (up to 23 GPa·%) similar to
the third generation of advanced high-strength steels (AHSS), and excellent welding properties, is
expected to become the materials of automobile safety parts and structural parts [1,2]. Yi et al. [3]
found an alloy (its precise composition is Fe–0.4C–0.5Mn–0.2Si–0.5Cr–3.5Al wt %), having a density
of 7.455 × 103 kg/m3, is approximately 5% lighter than that without the aluminum addition, which
has a density of 7.8145 × 103 kg/m3. Abedi et al. [4] found a duplex low-density steel with an exact
chemical composition of Fe–17.5Mn–8.3Al-0.74C–0.14Si (wt %), having a density of 6.8× 103 kg/m3. The
measurement shows that the density of a 4.5% Al-containing δ-TRIP steel is 6.8325× 103 kg/m3, which is
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approximately 8% lighter than that with a 3.5 wt % aluminium addition. It is approximately 12.6% lighter
than that without the aluminum addition, which has a density of 7.8145 × 103 kg/m3. Many studies
have been reported on mechanical deformation properties [5,6], microstructures [7,8], and properties
of δ-TRIP steel [9,10]. However, there is an insufficient understanding of the high-temperature crack
sensitivity of the δ-TRIP steel. The influence of high Al content on it is still lacking, so it is necessary to
understand its high-temperature mechanical properties further.

There are many researches, which are regarding high-temperature mechanical properties of
Nb-containing TRIP steel [11], P-containing TRIP steel [12], twinning-induced plasticity (TWIP)
steel [13–15], dual-phase (DP) steel [16], and FeCrAl [17,18]. A Gleeble thermal-mechanical testing
machine is a common method for studying high-temperature mechanical properties [19]. He et al. [18]
studied the hot ductility of FeCrAl alloys by using a Gleeble thermal-mechanical testing machine and
thought the hot ductility of the alloys mostly depends on the temperature rather than the content of Al.
The ferritic grain coarsening and the precipitation of carbides result in decreased ductility between
800 and 900 ◦C. He et al. [18] found high-Cr-content ferrite stainless steel suffers from embrittlement
when subjected to temperatures up to around 475 ◦C, due to the separation of the α (Fe-rich) ferrite
and the α′ (Cr-rich) ferrite and the transformation of the Fe-rich α phase and the Cr-rich α′ phase to
the α-(Fe,Cr) ferrite phase by using differential scanning calorimetry (DSC). Hechu et al. [20] found
the solid-state transformation of a δ dendrite core to a single γ phase without a peritectic reaction at
1358 ◦C. Some researches [15,21,22] show that the increase of Al content leads to a worse hot ductility
and high Al content in steel can easily lead to deterioration of surface quality of continuous casting
slabs [23]. However, Su et al. [12] found that the increase of Al content in TRIP steel (0.03–0.87% Al)
led to an overall increase of a reduction of area (RA) and better hot ductility. It was indicated that
the effect of high Al content on the high-temperature mechanical properties of steel is a complicated
change. There are many research results on mechanical properties of δ-TRIP steel, but research on
high-temperature mechanical properties of high-aluminum δ-TRIP steel is relatively limited.

In this paper, a high-temperature tensile test was carried out on the Gleeble 3500 thermomechanical
simulator, and the characteristic curves were obtained. Brittle zones and a crack-sensitive zone of
δ-TRIP steel were calculated by the characteristic curves. The fracture morphology of the specimen
after the high-temperature tensile fracture was observed by scanning electron microscopy (SEM) to
determine the fracture type. The equilibrium phase diagram of the 4.5% Al-containing δ-TRIP steel
was calculated by the Thermo-Calc software. The phase transformation temperatures of the 4.5%
Al-containing δ-TRIP steel were measured by the DSC.

2. Materials and Methods

A δ-TRIP steel ingot was prepared by vacuum induction melting using commercial-purity
materials with a target composition of 0.4C–0.5Si–2.0Mn–4.5%Al–Fe (wt %). The dimensions and the
shape of the δ-TRIP steel ingot are shown in Figure 1. The concentrations of C and S were measured
using the infrared absorptiometric method after combustion in current oxygen. Besides, the inert-gas
carrier melting–thermoconductometric method was employed for the measurement of N concentration.
The contents of the other alloying elements (Si, Mn, and Al) were measured by the inductively coupled
plasma optical emission spectrometric (ICP-OES) methodology.

Figure 1 shows the dimensions and the shape of the δ-TRIP steel ingot as well as the dimensions
and the locations of the specimens. The shape of δ-TRIP steel ingot, like an inverted cone, had an upper
diameter (Φ) of 120 mm and a total length of 240 mm. Gleeble tensile specimens were cut from the
columnar grain region of the ingots. The Gleeble tensile specimens were standard cylindrical tensile
specimens, of which the diameter was 10 mm and the length was 121.5 mm. The sampling position of
the DSC specimen was near the sampling position of the Gleeble tensile specimens. The DSC specimen
was required to have be a round flake with a diameter of 5 mm or a rectangular flake with a diagonal
length no more than 5 mm, and its thickness was generally less than 1 mm. Due to the large contents
of Al and Mn in the specimen, to minimize the contamination of the instrument support during the
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melting process, the DSC specimen size (diameter × thickness) in this test was 3 mm × 1 mm. Drill
6 equidistant holes were in the axis of the δ-TRIP steel ingot and had a small amount of steel scrap.
A cylindrical specimen with a diameter of 33 mm and a height of 10 mm at the bottom of the ingot
was used, and this cylindrical specimen and the steel scrap were analyzed to determine the chemical
composition of the ingot.

Figure 1. Sampling positions and dimensions of the δ-transformation-induced plasticity (TRIP) steel
ingot and the specimens.

The high-temperature mechanical properties of δ-TRIP steel were studied by using the Gleeble
3500 thermomechanical simulator. With the electrical discharge machining (EDM) method to shape the
ingot-carved cylindrical tensile steel and the area of the columnar crystal being placed at a temperature
range of 700 to 1350 ◦C, the specimen was tensioned at a constant temperature and at a constant strain
rate of 1 × 10−3 s−1. All the tests were carried out in an atmosphere of argon to avoid steel oxidation.
The temperature control diagram of the tensile test is shown in Figure 2. The steel samples were first
heated to 1300 ◦C with a heating rate of 10 ◦C/s, and then they were subjected to insulation during the
solid solution treatment for 180 s to homogenize the microstructure and eliminate the internal stresses.
The steel was cooled at a rate of 3 ◦C/s for 3 min until its temperature reached the test temperature,
which was maintained. At temperatures above 1300 ◦C, the steel was heated to the test temperature at
a rate of 3 ◦C/s and incubated for another 3 min. Finally, the sample was tensioned until it fractured
and cooled rapidly in argon. The measured area reduction was used as a function of the deformation
temperature to evaluate the hot ductility behavior. The morphology of the fracture was observed
under SEM. The fracture type was analyzed. The RA and the σmax of the steel were obtained in the
high-temperature tensile test. The temperatures, at which both the RA and the σmax value of the
sample were zero, were measured corresponding to the zero ductility temperature (ZDT) and the zero
strength temperature (ZST), respectively [24,25].

The solidification path with the equilibrium phase of the δ-TRIP steel was studied according to
the phase equilibrium fraction diagram, which was calculated by using the Thermo-Calc software and
the TCFE9 database.

The rough DSC specimens were finely ground for a smooth surface and a uniform thickness.
The phase transformation of the high-aluminium-content δ-TRIP steel in a range of 40–1400 ◦C was
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analyzed by DSC. The measurement error of the instrument was within 2.5%, the temperature error
was ±1.5 ◦C, and the temperature rise was rated at 10 ◦C/min during the test. The test was carried out
in an inert gas (Ar) using a corundum crucible at a temperature range from 40 to 1400 ◦C.

Figure 2. Thermal schedule for the hot tensile tests.

3. Results and Discussion

3.1. Hot Ductility

Figure 3 shows the measured tensile strength relative to the temperature. σmax was decreased
with the increasing temperature. Between 700 and 950 ◦C, σmax decreased with temperature, while
the decreasing speed of the σmax at the temperatures above 950 ◦C was significantly slower. The σmax

value was the smallest at 1350 ◦C, and its value was 1.54 MPa. The measured tensile strength curve
was extended by the slope of the final two data points. The ZST of the sample was around 1405 ◦C.

Figure 3. Maximum tensile strength as a function of temperature.

The trend of the RA of the specimen as a function of temperature is shown in Figure 4. In order to
better determine the RA of the third brittle zone, the test temperature interval was changed from 50
to 25 ◦C, and several specimens tested at small temperature intervals were added in the first brittle
zone. At a temperature range between 700 and 1300 ◦C, the RA was basically higher than 40%. In this
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temperature range, the minimum value of RA reached approximately 44% at 925 ◦C. The RA reached
its maximum value of 78% at 1250 ◦C. The RA dropped rapidly between 1250 and 1350 ◦C. The RA
was the smallest at 1350 ◦C, and its value was 2%. It was indicated that the sample had good resistance
to the high-temperature cracking. The RA–temperature curve can be extrapolated. The ZDT of the
sample was around 1355 ◦C.

Figure 4. Reduction of area of the specimen as a function of temperature.

∆T is the difference between the ZST and the ZDT, which is the temperature range of the
crack-sensitive zone. Suzuki et al. [26] thought the embrittlement in zone I of a titanium alloy is related
to the solidification cracking and the sensitivity of the solidification cracking may be negligibly small if
∆T is less than 50 ◦C. Li et al. [27] found the ∆T of TWIP steel with 0.05% C, 25% Mn, 3% Al, and 3% Si
is about 50 ◦C, which is wider compared with those of other steels. The result also indicates that this
TWIP steel has stronger high-temperature crack sensitivity. In this research, the ∆T of the sample was
50 ◦C. The high-temperature crack sensitivity of the 4.5% Al-containing δ-TRIP steel is excellent.

The research of Suzuki et al. [28] shows the steel is not easy to crack for RA > 60% and the
sensitivity of the crack increases for RA < 60%. Based on the RA of 60% as a critical value for dividing
ductility, we found that the sample had three temperature zones: the first brittle zone (1300–1350 ◦C),
the second ductility zone (1000–1250 ◦C), and the third brittle zone (800–975 ◦C).

3.2. Fracture Morphology

Figure 5 shows the typical tensile fracture morphologies of the steel at four temperatures (700 ◦C,
925 ◦C, 1250 ◦C, and 1300 ◦C) under SEM, which corresponds to the tensile fracture morphologies of
the typical points in the four regions bounded by an RA of 60, respectively.

Figure 5c shows the tensile fracture morphology of the steel at 1250 ◦C. It can be seen that the
fracture has visible dimple characteristics and the ductility is great. Figure 5c corresponds to the
fracture morphology of the highest RA points in the hot ductility curve of the steel.

Due to the microscopic holes generated by the plastic deformation of the steel in the microregion,
the nucleation, the growth, and the aggregation were finally connected to each other to cause a fracture,
and the diameter and the depth of the dimple were large. The larger the size of the dimples, the
better the ductility of the material was. However, the steel with poor ductility had a little change
in diameter, the size of the dimple was small and shallow, the shape of the section was flat, the
fracture was characterized by the brittle fracture, and the RA was small. Figure 5b shows the fracture
morphology of the lowest RA points in the hot ductility curve at 700–1300 ◦C. The RA was 44% at
925 ◦C, the dimple had a smaller diameter and a shallow depth, the cross-section was relatively flat,
and “rock sugar” particles appeared. The fracture had brittle fracture characteristics, belonging to the
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brittle intergranular fracture. Take Figure 5c for example. The crack propagation process before the
temperature reached 1250 ◦C was slow, and it consumed high plastic deformation energy. Therefore,
the diameter and the depth of the fracture dimple were large, and there was no flat plane. The fracture
was a ductile fracture. At this time, the RA was as high as 78%.

Figure 5d shows the fracture morphology of the steel at 1300 ◦C. At this time, since the temperature
was high, the fracture was composed of a plurality of facets, and the grain boundary was in a molten state.

By comparing the SEM observations, the rock-sugar-shape fracture temperature was found to be
above 1300 ◦C or between 800 and 975 ◦C. The results are consistent with those of the brittle zones, and
the temperature of the dimple fracture was mostly in the range of 1000–1250 ◦C or 700–800 ◦C. The
observation result is basically consistent with that of the second ductility zone.

Figure 5. Steel tensile fracture morphologies at different temperatures: (a) 700 ◦C; (b) 925 ◦C; (c) 1250 ◦C;
(d) 1300 ◦C.

3.3. Brittleness Analysis

Figure 6 is a comparison diagram of the high-temperature phase transformation of the sample
calculated by the Thermo-Calc software and the TCFE9 database. In Figure 6, the sample did not go
through the single-phase (γ) region, but through (δ + γ) two-phase region, in the temperature range
of 705–1406 ◦C. However, the ductility of the sample was excellent due to the fact that most of the
RAs were higher than 40%. This is because the amount of the δ-ferrite of the sample was high and the
proportion of the film-like α-ferrite was small.

Figure 6 shows that, at the temperatures between 705 and 1406 ◦C, the δ-ferrite was continuously
transformed into the γ phase. The proportion of γ increased to 76% at 1100 ◦C and then began to
decrease, and the ferrite content began to rise from 24%. It is speculated that the transformation of the
γ phase to the α-ferrite occurred at this time.

The austenite transformed into the α-ferrite at the temperature range between 705 and 1100 ◦C.
This indicated that the reason why the ductility of the sample was relatively poor in the third brittle
zone is that the massive transforms from the austenite to the α-ferrite and the primary film-like ferrite
grains generated along the austenite grain boundary produced slips. The ductility of the sample
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decreased first and then increased with the increase of the α-ferrite. In the second ductility zone, the
sample was in the two-phase regions of the ferrite phase and the γ phase. The ductility of the sample
was excellent in the second ductility zone. Al is an element that inhibited the formation of the austenite
grains, so that the austenite grains were small and the ductility was excellent.

Figure 6. Amount of phase in the 4.5% Al-containing δ-TRIP steel.

In the temperature range of 1110–1406 ◦C, the δ-ferrite transformed into austenite, and the crystal
structure was transformed from a body-centerd cubic to a face-centerd cubic. Moreover, within the
temperature range of 705–1100 ◦C, the austenite transformed into the α-ferrite, the crystal structure
was transformed from a face-centerd cubic to a body-centerd cubic, and the strength of the face-centerd
cubic crystal was greater than that of the body-centerd cubic crystal. With the transformation going on
and the α-ferrite content increasing, this will lead to lowering the substrate ductility.

3.4. Phase Transformation Comparison

In order to compare the actual phase transformation temperature of the sample during heating
with the phase transformation temperature by using the Thermo-Calc calculation, the sample was
tested by the DSC. Figure 7 shows the DSC analysis curve of the 4.5% Al-containing δ-TRIP steel heated
from 40 to 1400 ◦C at a heating rate of 10 ◦C/min to identify the phase transformation temperature.

Figure 7. Differential scanning calorimetry (DSC) analysis curve.
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It can be seen from the figure that there is a significant endothermic peak of the sample at 767,
843, and 1000 ◦C. It indicates that the matrix transformed from the γ phase to the α-ferrite at 1000 ◦C
and the phase transformation ended at 767 ◦C. Ignoring the test error and the instrument temperature
fluctuation, the third brittle zone of the sample is consistent with its phase transformation zone. It
shows that the reason for the embrittlement of sample in the third brittle zone is the transformation of
the austenite to the α-ferrite. The primary film-like α-ferrite has low strength and will lead to lowering
substrate ductility. The peak temperature of 62 ◦C is the result of heat-up.

4. Conclusions

1. The ZDT of the sample was 1355 ◦C, and the ZST was 1405 ◦C. The ∆T of the sample was small.
The 4.5% Al-containing δ-TRIP steel had good resistance to the high-temperature cracking.

2. The sample had the first brittle zone at 1300–1350 ◦C and the third brittle zone at 800–975 ◦C
at a constant strain rate of 1 × 10−3 s−1. During the continuous casting process, the surface
temperature of the slab should be kept away from 800 to 975 ◦C to reduce the possibility of surface
cracking on the slab.

3. The reason for the embrittlement of the third brittle zone of the 4.5% Al-containing δ-TRIP steel is
that the α-ferrite formed at the austenite grain boundary caused the sample to crack along the
grain boundary under stress.

4. The ductility of the 4.5% Al-containing δ-TRIP steel decreased first and then increased with the
increase of the α-ferrite. When the proportion of the α-ferrite reached 37%, the RA of the 4.5%
Al-containing δ-TRIP steel was reduced to 44%.
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Featured Application: Potential wear-resistant steel for harsh environments in agricultural sector,
i.e., chisel ploughs and disc harrows.

Abstract: In this paper, the effects of different tempering temperatures on a recently developed
ultrahigh-strength steel with 0.4 wt.% carbon content were studied. The steel is designed to
be used in press-hardening for different wear applications, which require high surface hardness
(650 HV/58 HRC). Hot-rolled steel sheet from a hot strip mill was austenitized, water quenched and
subjected to 2-h tempering at different temperatures ranging from 150 ◦C to 400 ◦C. Mechanical
properties, microstructure, dislocation densities, and fracture surfaces of the steels were characterized.
Tensile strength greater than 2200 MPa and hardness above 650 HV/58 HRC were measured for the
as-quenched variant. Tempering decreased the tensile strength and hardness, but yield strength
increased with low-temperature tempering (150 ◦C and 200 ◦C). Charpy-V impact toughness
improved with low-temperature tempering, but tempered martensite embrittlement at 300 ◦C and
400 ◦C decreased the impact toughness at −40 ◦C. Dislocation densities as estimated using X-ray
diffraction showed a linear decrease with increasing tempering temperature. Retained austenite was
present in the water quenched and low-temperature tempered samples, but no retained austenite
was found in samples subjected to tempering at 300 ◦C or higher. The substantial changes in the
microstructure of the steels caused by the tempering are discussed.

Keywords: steel; martensite; tempering; press-hardening

1. Introduction

Steels with yield strength greater than 1300 MPa are becoming more widely used in different
applications. An increase in strength provides the possibility to use less material, i.e., to design
and use lighter structures. The result is increased energy efficiency and fuel savings that not only
translate into financial gains but also may be required by different norms and regulations. Also,
increased steel strength leads to higher hardness and abrasive wear resistance. Generally, the strongest
steels used in structural, wear, and protection applications have martensitic microstructures. The
hardness of quenched martensite increases with the increasing carbon content (up to 0.6–0.8 wt.%)
up to more than 800 HV with tensile strength levels exceeding 2500 MPa for quenched plain carbon
and low-alloy compositions [1]. Martensite may be lath or plate-like or a mixture of both. Below the
0.6 wt.% carbon content, the fine lath martensite is dominant. The substructure of prior austenite
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grains in martensite can be divided into packets which contain blocks and sub-blocks of individual
laths [2,3]. These features comprise the fine and complex structure of the martensite phase that
can be altered by chemical composition and processing. Carbon atoms segregated in the structure,
prior austenite grain size, dislocation density, different precipitates, and retained austenite together
contribute to the superior strength and hardness of martensite, with carbon responsible for the main
contribution [1–8]. Furthermore, the highest hardness and strength levels are often achieved by
expensive, heavy alloying, or by the utilization of time-consuming heat treatments in order to meet
requirements related to usability and toughness. However, thermomechanical controlled processing
(TMCP) is nowadays utilized to refine the grain structure for improved impact toughness, especially
in the case of ultrahigh-strength steels. The rolling schedule is adjusted to include passes in the
non-recrystallization regime (NRX), which results in an elongated austenite grain structure with
an increased dislocation density and improved impact toughness [9–11]. However, the formability
of ultrahigh-strength steels with relatively high carbon content is limited and might turn out be
challenging when producing complex shapes or small components, i.e., blades for furrow ploughs or
disc harrows. Therefore, these types of high-hardness steels are provided in the hot-rolled condition
to the parts manufacturer for further processing: the final shape is given to the part in the reheating
process while in the soft and easily formable condition, after which suitable quenching can be applied.
Different press and hardening methods are utilized for processing high-hardness steels. Oil, water,
or different aqueous solutions are used for the quenching, which requires careful planning to avoid
quench-cracking. Often the process includes tempering to improve the impact toughness of the material.
When abrasive wear resistance is required, high hardness needs to be retained after tempering. AISI
4340, 300M, and 51CrV4 with a carbon content of around 0.4–0.5 wt.% are commonly used in the
aforementioned applications.

Tempering is a common method to improve the ductility and impact toughness of steels. It is
widely applied for ultrahigh-strength martensitic steels due to the limited toughness properties of
quenched medium- and high-carbon steels. Often, the increasing carbon content and the subsequent
increase in hardness and strength impairs the toughness properties of carbon steels in their as-quenched
state. Therefore, different temperatures and tempering times can be used depending on the desired
mechanical properties, such as suitable hardness and impact toughness levels [1,12,13]. Tempering
temperatures up to 650 ◦C can be utilized to adjust the mechanical properties of steels for different
applications: low-alloy, low-carbon steels benefit from improved low-temperature impact toughness
and bendability properties. Low-temperature tempering in the temperature range of 150–200 ◦C is
applied to ultrahigh-strength carbon steels with a medium carbon content, as it usually provides a
significant improvement of impact toughness without drastically decreasing hardness and tensile
strength. Generally, the tempering temperature affects the mechanical properties more than the
tempering time when tempering temperatures are 500 ◦C or less [14]. Apart from the tempering
applied after the quenching process, auto-tempering may also take place during the cooling process.
The higher the martensite start temperature (Ms), the more time there is for the carbon atoms to diffuse
and form carbides during quenching [12]. The martensite that is formed near the Ms temperature has the
highest probability for auto-tempering with the remaining cooling process [13]. After auto-tempering,
the fraction of less-tempered hard martensite decreases, which in turn may improve ductility [15] and
impact toughness [16].

In order to study the effect of tempering on an ultrahigh-strength quenched steel, a newly
developed quench and press-hardening steel, was investigated. Different tempering temperatures were
applied to understand the microstructural changes and the evolution of mechanical properties. The
steel has been designed to be used in its as-quenched or tempered condition in different applications
that require high abrasive wear resistance.
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2. Materials and Methods

A hot-rolled steel sheet with 10 mm thickness was obtained from the strip mill production line
from SSAB, Raahe, Finland. The large sheet was cut to smaller test plates with dimensions of 300 mm
× 250 mm. The plates were then reheated and held at 980 ◦C for 40 min before submerging into a water
tank for a rapid quenching (cooling rate > 80 ◦C/s). The quenched samples were then tempered for 2 h
at selected temperatures (150 ◦C, 200 ◦C, 300 ◦C, and 400 ◦C). A hot-rolled sample and water quenched
sample without any tempering were also included for comparison (abbreviated HR and WQ in the
article, respectively).

A Gleeble 3800 thermomechanical simulator was used in order to create a continuous cooling
transformation (CCT) diagram for the steel. Samples were cut from the received hot-rolled material in
the longitudinal direction. A total of six cooling rates in the range 3–96 ◦C/s were applied. Samples
were machined to a cylindrical shape with dimensions of 6 mm × 9 mm (cooling rates from 3 to
48 ◦C/s) or 5 mm × 7.5 mm (cooling rate 96 ◦C/s). The heating rate was 10 ◦C/s and austenitization
temperature was 920 ◦C. The holding time was 10 min for each sample. No strain was applied during
the Gleeble testing. Phase transformation temperatures were identified from the Gleeble dilatation
data and phase fractions were calculated from the images taken with an optical microscope. In order
to simulate the industrial reheating and quenching process, the samples were not homogenized prior
to the Gleeble testing.

The chemical composition for the steel is presented in Table 1. The composition has been designed
to give full hardening for a plate thickness of approximately 12 mm. Carbon content was 0.4 wt.%,
which should provide hardness exceeding 650 HV10 (Vickers hardness number) or 58 HRC (Rockwell
C hardness). The avoidance of expensive alloying elements, such as nickel, was a major consideration
in the alloy design. Instead of nickel and chromium, molybdenum has been selected as the main
hardenability element along with the medium carbon content. Earlier trials with laboratory casts
showed that molybdenum had a strong effect on the hardenability of the steel and could be utilized to
achieve the desired hardness levels. Manganese has been kept relatively low to avoid the possible
deterioration of impact toughness inflicted by segregation. Microalloying with Nb and Ti has been
used to prevent excessive grain growth at higher austenitization temperatures. The studied steel has a
lower manganese, chromium, and nickel content in comparison to the well-known commercial steel
grades, such as the AISI 4340, 300M, and 51CrV4. Furthermore, commercial boron steels used in similar
applications often have notably higher manganese levels.

Table 1. Chemical composition of the steel (wt.%, balance Fe).

C Si Mn Al Cr Mo Ni Ti Nb V N

0.43 0.19 0.25 0.035 0.05 0.7 0.05 0.013 0.013 0.04 0.004

The test plates were water jet cut and machined to suitable dimensions for mechanical testing
and microstructural inspection. Three longitudinal flat tensile test specimens of each material variant
were tested using an MTS 810 servohydraulic universal testing machine. The dimensions for the
reduced section of the tensile test specimens were 10 mm × 20 mm × 120 mm. Charpy-V impact
toughness testing was conducted at room temperature and at −40 ◦C with three specimens for each
material condition at both temperatures. The transverse impact tests were made according to ISO 148-1
standard. The specimen size was 7.5 mm × 10 mm × 55 mm for the impact tests for all samples. A
Struers Duramin A-300 tester was used to measure hardness with a minimum of seven indentations
(HV10) through the thickness of the material.

Microstructural characterization was done with a field emission scanning electron microscope
(FESEM, Zeiss Sigma) and with a laser scanning confocal microscope (Keyence VK-X200). Samples
were polished and etched with Nital (2%) prior to the inspection. Prior austenite grain size (PAGS)
measurements were done from planar sections of samples etched with picric acid.
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X-Ray diffraction (XRD) studies were carried out on specimens with their surfaces at the
quarter-thickness depth from the surface using a Rigaku SmartLab 9 kW X-ray diffractometer with
cobalt Kα radiation. PDXL2 analysis software (version 2.6.1.2, Rikagu Corporation, Tokyo, Japan)
was used to estimate the lattice parameters, microstrains, and crystallite sizes of the studied steels.
Rietveld’s whole powder profile fitting method was used also for the determination of retained
austenite content. Furthermore, dislocation densities were calculated using the Williamson–Hall
method (Equation (1)) [17,18]:

ρ =
√

ρsρp (1)

where ρs is the dislocation density calculated from strain broadening, and ρp is the dislocation density
calculated from crystallite size. According to Williamson et al. ρs and ρp can be calculated using the
following Equations (2) and (3) [17,18]:

ρs =
k ε2

F b2 (2)

and
ρp =

3n

D2 (3)

where ε is the microstrain, b is the Burgers vector, F is an interaction factor assumed to be 1, factor
k is assumed as 14.4 for body-centred cubic metals, and D is crystallite size. In the equation, n is
dislocations per block face, assumed as 1 [18].

3. Results

3.1. Dilatometry and CCT Diagram

The continuous cooling transformation (CCT) diagram determined from the Gleeble dilatometer
traces is presented in Figure 1. The hardness was nearly 650 HV10 with the highest cooling rate (96 ◦C/s),
but 600 HV10 was still achieved with 24 ◦C/s. Since the hardness level of 600 HV was still obtained with
lower cooling rates, more time for auto-tempering could be provided with the use of a slower cooling
media, such as oil or a polymer suspension. The slower cooling rates will not result in a fully martensitic
microstructure, as shown in the CCT diagram of Figure 1 and the micrographs in Figure 2. The martensite
start temperature was estimated as approximately 350–380 ◦C based on the CCT diagram.

 
 

𝜌 𝑘 ε2 𝐹 𝑏2
𝜌 3𝑛𝐷2

where ε is 

–

 

Figure 1. Continuous cooling transformation (CCT) diagram for the steel. Abbreviations: P + F is
pearlite and ferrite, B is bainite and M is martensite.
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Figure 2. Optical micrographs of the hot-rolled (HR) microstructure and Gleeble samples with different
cooling rates: (a) hot-rolled, (b) 3 ◦C/s, (c) 12 ◦C/s, (d) 96 ◦C/s.

The optical microscope images show that low cooling rates produced multiphase microstructures.
The hot-rolled (HR) sample represents the microstructure prior to Gleeble testing or reheating and
quenching. The lowest cooling rate (3 ◦C/s) tested with the Gleeble had a highly mixed microstructure
consisting of bainite (approximately 50–55%), pearlite (30–40%), and ferrite (5–10%). There was very
little pearlite and ferrite with a cooling rate of 12 ◦C/s and the phase fractions were estimated at
50%–60% for martensite and 40–50% for bainite. Bainite was still present at 48 ◦C/s but at less than
10%. The highest cooling rate (96 ◦C/s) showed close to 100% martensite with only a minor fraction
of bainite. The phase fractions were highly localized within the Gleeble samples with the slow and
medium cooling rates (<48 ◦C/s). Based on the dilatometry, high quenching rates can be used to obtain
hard, fully martensitic microstructures, whereas slower cooling rates with possible isothermal holding
provide possibilities for obtaining different bainitic or multiphase structures.

3.2. Microstructures

The hot-rolled sample (HR) showed a banded ferritic-pearlitic microstructure with no martensite
present (Figure 2a) and with a hardness below 200 HV10. The absence of martensite and bainite was
due to the low level of alloying combined with the fact that the hot-rolled material was coiled at
around 700 ◦C, after which it cooled very slowly, which can take up to three days to cool down to
room temperature. Figure 3a shows the resulting ferritic-pearlitic microstructure. This is a typical
microstructure for plain carbon steels when quenching has not been applied.
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Figure 3. Field emission scanning electron microscope (FESEM) micrographs of the tested steels.
Images taken from 1

4 depth from the top surface in normal-to-rolling direction (longitudinal). Samples:
(a) hot-rolled, (b) water quenched, (c) tempered at 150 ◦C, (d) tempered at 200 ◦C, (e) tempered at
300 ◦C, (f) tempered at 400 ◦C.

Microstructural evolution during tempering is seen in the quenched and tempered samples in the
FESEM images in Figure 3b–f. Starting from the water quenched sample, the microstructure consisted of
lath-like martensite comprising packets, blocks, and sub-blocks. The darkest auto-tempered martensite
was the most dominant phase in the water quenched microstructure (Figure 3b), as is typical of other
commercial medium carbon steels, such as some wear-resistant steels [19–23]. Auto-tempering is
desirable for this type of steel in order to improve the impact toughness in the as-quenched state.
Despite being subjected to rapid water cooling, the samples did not display any signs of immediate or
delayed quench-cracking indicating that milder quenching media are not required for the 10 mm plate
thickness concerned, at least.

The effects of tempering begin to appear more distinctly at 150 ◦C. The fraction of precipitate-rich,
light areas increased, but the precipitate size was generally very small. The sample tempered at
200 ◦C showed significantly less untempered martensite, i.e., the darkest areas without visible traces of
precipitates, than the water quenched (WQ) and 150 ◦C samples. This is consistent with the first stages
of tempering, i.e., precipitation of fine, presumably transition, carbides [12,13]. Both the 150 ◦C and
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200 ◦C samples contained a high number density of fine transition carbides, but in the sample tempered
at 200 ◦C the precipitates were notably larger, and their needle-like shape could be distinguished more
easily. These differences result in the microstructure of the 200 ◦C sample showing more light contrast
in the low magnification FESEM images.

The water quenched (WQ) sample had more carbide-free areas while the auto-tempering had
introduced some carbide formation (Figure 4a). In the FESEM images, this was also seen as the different
depth of the areas as the regions could be assumed to have different carbon concentrations in the solid
solution [24]. This supports the concept of martensite formation in rapid sequences rather than as
a single massive transformation throughout the whole sample at once. The darker areas appeared
as there would have been nearly a total absence of precipitates. Therefore, this martensite may be
assumed to have had formed in the later stages of the phase transformation, having less time for the
interstitial carbon to diffuse into precipitates.

 

– 

Figure 4. FESEM images of (a) water quenched, (b) tempered at 200 ◦C for 2 h and (c) tempered at
400 ◦C for 2 h.

At the higher tempering temperatures of 300 ◦C and 400 ◦C there is a higher contrast between the
dark martensite matrix and the white carbides (Figure 4b,c), presumably cementite (θ-carbide), which
have replaced the small transition carbides found at the lower tempering temperatures [12]. The various
lath, block, packet, and grain boundaries are seen to act as sites for cementite nucleation [25]. The
precipitates are clearly coarser after tempering at 400 ◦C than at 300 ◦C. Therefore, the microstructure
of the 400 ◦C tempered sample was assumed closer to conventional tempered ferrite and cementite
than that of martensite [12,13].

Based on the FESEM imaging, the evolution of the martensitic steel from the as-quenched state to
the 400 ◦C tempered microstructure appeared as to have decreased homogeneity. The water quenched
sample had far less precipitates and they were clearly smaller than those of the tempered steels. Then,
the carbon migration slowly altered the structure into a clearer two-component structure with the dark
matrix and the white carbides when the tempering temperature exceeded 300 ◦C. The water quenched
variant and the 150 ◦C tempered samples had the most uniform structure, and also showed mechanical
properties very close to each other, which will be discussed further in the next section.

The prior austenite grain size (PAGS) was measured for the 300 ◦C tempered sample using a
calculation tool recently developed by Seppälä et al. [26]. The calculation is based on the mean linear
intercept method of Sellars and Higginson [27]. The calculated mean prior austenite grain size was
12.3 µm with a standard deviation of 0.6 µm. Therefore, the somewhat high austenitization temperature
of 980 ◦C had not caused excessive grain growth as seen in both the optical image (Figure 5a) and in the
grain size distribution calculations (Figure 5b). Only a few large grains were detected (24–30 µm) and
no abnormal grain growth was present. For comparison, some examples of PAGS for austenitization
temperatures below 1000 ◦C of similar grade steels have been reported by Ritchie et al. [28]. For AISI
4340, austenitization at 870 ◦C for 1 h resulted in a grain size ranging from 24 to 32 µm. Austenite grain
growth for the 300M ultrahigh-strength steel (a modified version of 4340 with higher silicon content)
has also been studied in the temperature range of 850 to 1150 ◦C with different holding times. Zhang
et al. [29] discovered that the grain growth rate increased rapidly when soaking 300M above 900 ◦C.
Heat treatment at 950 ◦C resulted in an average grain size of 31 µm, while a heating temperature
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of 1000 ◦C increased the grain size to 46 µm. Chen et al. [30] have found in their work that the
average grain size for 300M was greater than 50 µm in when austenized at 900 ◦C or above for 40 min.
Horn et al. [31] measured PAGS of 20 µm for 4340 and 300M steels with an 870 ◦C austenitization
temperature. Therefore, the mean prior austenite grain size (12.3 µm) can be considered to be small
for austenitization temperatures of 950 to 1000 ◦C. This is probably attributable to the presence of the
microalloying elements Ti and Nb, which have inhibited the grain growth through the formation of
small finely dispersed carbides or carbonitrides [32]. Also, the relatively large amount of molybdenum
(0.7 wt.%) can hinder the austenite grain growth by producing strong solute drag effect by segregating
at the austenite grain boundaries and thus pinning the grain boundary movement [33].

– 

 

Figure 5. (a) Picric acid etched sample (300 ◦C tempered) revealing the prior austenite grain boundaries
(normal-to-rolling direction) and (b) the prior austenite grain size distribution.

3.3. Mechanical Properties

3.3.1. General Observations

The mechanical properties are presented in Figure 6. The hot-rolled variant showed poor
performance when compared to the quenched and tempered variants. The strength and hardness were
inferior to the other tested samples that had a martensitic microstructure. Yield strength remained
under 500 MPa at 471 ± 24 MPa while the tensile strength was 711 ± 23 MPa for the hot-rolled state
(Figure 6a). The measured hardness was 195 ± 4 HV10 (Figure 6b). Also, the ferritic-pearlitic steel had
very poor impact toughness as the tested Charpy-V samples showed only a few joules of impact energy.
Only the uniform elongation exceeded that of the martensitic variants. Nevertheless, the steel has not
been designed to be used in the hot-rolled condition, but the HR variant was included for comparison
to understand the effect of both quenching and tempering on the mechanical properties of the steel.

The water quenched version without any tempering exhibited the highest tensile strength
exceeding 2200 MPa (Figure 6c). However, the highest hardness (668 ± 15 HV10) was measured for
the variant tempered at 150 ◦C. The highest yield strength (1616 ± 13 MPa) was measured for the
sample tempered at 200 ◦C, which surpassed the WQ (1528 ± 13 MPa) and 150 ◦C (1606 ± 22 MPa)
samples. Both yield and tensile strength decreased rapidly with tempering temperatures of 300 ◦C and
400 ◦C, and hardness decreased as well. Uniform elongation also followed the same decreasing trend
with the tensile strength and hardness. Impact toughness was improved with the low-temperature
tempering up to 200 ◦C but tempering at 300 ◦C or 400 ◦C did not produce any further improvement in
the low-temperature Charpy-V energies (Figure 6d). Impact energies were measured in joules and
converted directly proportional to J/cm2.
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V impact test energies at +20 and −40 °C temperatures. 
–

Figure 6. Mechanical properties of the tested steels: (a) engineering tensile test curves, (b) material
hardness and plastic component of the uniform elongation (UE), (c) yield strength (0.2% offset, Rp0.2)
and tensile strength (Rm), and (d) Charpy-V impact test energies at +20 and −40 ◦C temperatures.
Standard deviations are included in (b–d).

3.3.2. Strength and Hardness

The general strength decrease during tempering can be attributed to the diffusion of carbon
atoms, decomposition of retained austenite, and dislocation recovery effects [24] in the tempering
temperatures used in the current study. As stated earlier, the precipitation of cementite was observed
in the FESEM images, and the microstructures of the 300 ◦C and 400 ◦C samples differed greatly from
the quenched and low-temperature tempered samples. Now, the effect on the mechanical properties
can be distinguished in Figure 6. Ultimate tensile strength (UTS) began to decrease already with
the 150 ◦C tempering temperature. The measured difference was very small (WQ: 2233 ± 9 MPa vs.
150 ◦C: 2168 ± 28 MPa) and almost within the limits of measuring error. The decrease of UTS was
more prominent for the 200 ◦C tempered variant. The temperature increase of 50 ◦C from the 150 to
200 ◦C tempering temperature had a significant effect on the tensile strength, when comparing to the
clearly less dramatic difference in tensile strength between the WQ and 150 ◦C samples. Further, the
tempering at 300 ◦C and 400 ◦C caused the ultimate tensile strength to decrease even more.

The hardness for the water quenched steel was on the expected level reaching 653 ± 16 HV10. The
low tempering at 150 ◦C also resulted in very high hardness exceeding the water quenched sample.
However, the values were very close to each other, almost within the limits of error, similar to the
tensile strength values. Hardness is generally considered to be related to the tensile strength, and
therefore it can be stated that both the tensile strength and hardness were both almost on par with
the WQ and 150 ◦C samples. Nevertheless, the lowest tempering temperature did not significantly
reduce the strength nor the hardness. Tempering at 200 ◦C produced a slightly more distinct decrease
of hardness as it also did for the tensile strength. Yet, the hardness was above 600 HV10 for the 200 ◦C
tempered sample. Higher tempering temperatures caused a more severe drop of hardness to levels
below 500 HV10. The ratio of tensile strength to hardness varied within 3.2 to 3.4 (Rm/HV10) and 2.3
to 3.2 for yield strength and hardness (Rp0.2/HV10). The latter showed an increase with increasing
tempering temperature, following the increasing yield-to-tensile strength ratio.
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Yield strength of the tested steels did not directly follow the same behavior as the tensile strength.
Low-temperature tempering increased the yield strength to 1606± 2 MPa (150 ◦C) and to 1616 ± 13 MPa
(200 ◦C), as the water quenched variant had yield strength of 1528 ± 13 MPa. The yield-to-tensile
strength ratio increased steadily from 0.66 to 0.68 (HR and WQ) to 0.92 for the 400 ◦C tempered
variant. Uniform elongation decreased linearly for the quenched and tempered samples. A plateau
for the elongation was reached at 400 ◦C as the martensite strength decrease was already substantial.
Hutchinson et al. [5,6] have discussed the yielding phenomena in martensitic steels, noting that uniform
elongation may increase with increasing strength level, i.e., tempered samples have decreased uniform
elongation as was also seen in the current study. They argued that the relaxation of internal stresses
was the main cause for earlier instability that subsequently led to the decrease of uniform elongation.

Also, Hutchinson et al. [5,6] studied the increase of yield strength caused by low-temperature
tempering, which could be also explained by the relaxation of internal stresses. The quenched
martensite has very high internal stresses, which are decreased by the tempering. This does not affect
the flow stress as drastically, hence the ultimate tensile strength does not necessarily decrease. Their
model predicted a large increase of yield strength for tempered steel when internal stresses were
removed [6]. There was a very smooth curvature to the stress–strain relation of the quenched and
low-temperature tempered samples, but a sharp yield point appeared at higher tempering temperatures,
as can be seen in Figure 7. Due to the different shapes and nature of the stress–strain curves, attention
has to be paid to the shape of the curve and not just the numerical value of the 0.2% proof stress.

–

–
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Figure 7. Engineering stress–strain curves for the water quenched (WQ) and 400 ◦C tempered samples.

3.3.3. Impact Toughness

For the studied steels, the tempering up to 200 ◦C improved the impact toughness, but eventually
the higher temperatures in the temper martensite embrittlement (TME) range (300 ◦C and 400 ◦C)
resulted in even or slightly decreasing Charpy-V impact energies when tested at −40 ◦C (Figure 6d).
Interestingly, the hot-rolled sample also fitted this curve quite well, though other mechanical properties
did not seem to have any direct linear relationship with the quenched and tempered variants. Only the
yield-to-tensile strength ratio was very close for the HR and WQ steels. The room temperature testing
(+20 ◦C) showed that the 400 ◦C tempered sample had better impact toughness over the 300 ◦C sample.
The main reason for the higher room temperature impact toughness energy was presumably a shift
of the transition temperature region towards lower temperatures. Nevertheless, impact energies are
all relatively low when tested at subzero or room temperatures. The improved Charpy-V result for
the 400 ◦C might have been due to the tempering temperature surpassing the temper embrittlement
temperature range.

Temper embrittlement in martensitic steels is an extensively studied phenomenon [12–14,31,34],
and a reduction of impact toughness is often found in steels tempered at these temperatures. It is related
to the formation of cementite in the temperature range of approximately 300 ◦C to 400 ◦C, depending
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on the alloying content. Interlath retained austenite decomposes and creates brittle cementite films,
which form pathways for cracks to propagate. Concurrently, impurities may also segregate to the
grain boundaries inflicting brittle behavior by providing weak interfaces for crack propagation. The
severity of the tempered martensite embrittlement is affected by chemical composition. For example,
silicon shifts cementite formation to higher temperatures [31]. In the current tests, it was found that
samples tempered in the TME region showed a slight decrease of Charpy-V impact energies in the
subzero temperature testing (−40 ◦C) when compared to the low-temperature tempered samples.
The microstructure of these steels (300 ◦C and 400 ◦C) already revealed the formation of cementite
(Figure 3e,f), which causes the temper embrittlement. In addition, the XRD results showed that retained
austenite was present in the quenched and low-temperature tempered samples but was diminished
with the higher tempering temperatures.

Fracture surfaces of the Charpy-V-notch impact toughness testing specimens are presented in
Figures 8 and 9. Fracture occurred completely in the brittle mode in HR samples without any significant
formation of shear lips. In the samples tempered at 200 ◦C or higher, the formation of shear lips
is pronounced, which partially explains higher energy absorption of these samples. The shear lips
cover already about 30–40% of the fracture surface area with the samples tempered at 400 ◦C. Similar
behavior was observed in the fracture toughness specimens in the study of Li et al. [35], where AISI
4340 steel was tempered at various temperatures. In their study, shear lips on the edges of the samples
increased with the increasing tempering temperature, which also occurred in the present study.

–

–

–

 

Figure 8. Macroscopic fracture surfaces of the Charpy-V samples (width 7.5 mm) tested at +20 ◦C.
Notch is in the upper part of the specimens.
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disl.  𝐾𝐷𝜌1/2
is 0.38μb for bcc metals, μ is the shear modulus (used here 82 GPa for Fe)

Figure 9. FESEM images of fracture surfaces taken from the upper part (a) water quenched, (b)
tempered at 200 ◦C, (c) tempered at 400 ◦C and the middle part (d) water quenched, (e) tempered at
200 ◦C, (f) tempered at 400 ◦C of selected impact toughness samples tested at +20 ◦C.

FESEM images taken from near the notch tip (a–b) and the middle of the fracture surface area (d–f)
of chosen samples are presented in Figure 9. Surprisingly, even the fracture surface of the WQ sample
consisted of a significant amount of small and scattered dimples with most of the surface area consisting
of separate cleavage facets and locally sheared features between the narrow multi-void-coalesced
strips (Figure 9a). As the tempering temperature increases, the fraction of the dimpled area increases
steadily from WQ to the samples tempered at 400 ◦C. The respective impact energies for the given
samples in Figure 9 were 18 ± 5 J/cm2 (WQ), 31 ± 2 J/cm2 (200 ◦C), and 43 ± 2 J/cm2 (400 ◦C), i.e., the
absorbed energy almost doubled from the WQ sample to 400 ◦C tempered sample. This is credited
to the increased dimple fraction, and the increase of shear lips, of which the latter consumes about
half the energy of ductile fracture [36]. These observations are also in line with the ones made by Li
et al. [35] in case of fracture toughness specimens of tempered AISI 4340. Though the absolute values
for the impact toughness energies were low throughout all the samples tested due to the nature of the
given steel, the evolution of the fracture surfaces and moreover the increasing impact energy could be
clearly seen in the fracture surface images.

3.4. XRD Results

Table 2 presents the microstrains, crystallite sizes, dislocation densities, and retained austenite
contents of tested materials based on the XRD measurements. Tempering increased the crystallite
size and reduced the amount of internal strains, which can be assumed to be attributed from the
reduced amount of dislocations after tempering. Calculated dislocation densities correlated well with
the condition of the steels giving the highest value of 8.31 × 1015 m−2 in the case of the untempered,
martensitic water quenched steel, and decreasing with higher tempering temperature as seen also from
Figure 10. The strengthening effect of dislocation density on martensitic steel can be calculated using
Equation (4) presented by Bhadeshia et al. [37].

σdisl. = KDρ
1/2 (4)

where KD is 0.38 µb for bcc metals, µ is the shear modulus (used here 82 GPa for Fe), and b is the
Burgers vector, which is 0.2485 nm in the present case. Based on the calculations using Equation (1),
the strengthening effect of measured dislocation densities starting from WQ steel moving towards the
higher tempering temperatures were 668 MPa (WQ), 620 MPa (150 ◦C), 522 MPa (200 ◦C), 444 MPa
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(300 ◦C), and 373 MPa (400 ◦C). Therefore, part of the softening, especially at tempering temperatures
of 300 ◦C and 400 ◦C, can be attributed to clearly lower dislocation density.

Table 2. Microstrain, crystallite size, dislocation density, and retained austenite content based on the
X-Ray diffraction (XRD) measurements.

Material
Crystallite Size

[Å]
Microstrain

[%]
Dislocation Density

[×1015 m−2]
Retained Austenite

[%]

WQ 231 0.590 8.3 3.6
150 ◦C 277 0.611 7.1 2.8
200 ◦C 369 0.577 5.1 2.8
300 ◦C 338 0.382 3.7 -
400 ◦C 352 0.281 2.6 -

 

–

–
–

Figure 10. Dislocation densities of the tested steels (WQ tempering temperature set as 25 ◦C).

The decrease of dislocation density with increasing tempering temperature followed the results
found in the literature [22,25,38–40]. Saastamoinen et al. [38] reported dislocation density for both direct
quenched (DQ) and reheated and quenched (RAQ) around 4.0 × 1015 m−2 for martensite containing
0.1% C, which explains some of the difference with the current results. Using the same Williamson–Hall
method as used here, in the case of 0.3% C martensite, Kennett et al. [39] found dislocation densities in
the as-quenched state in the range 8–10 × 1015 m−2, depending on PAGS, while Takebayashi et al. [40]
found a dislocation density of 2.0 × 1016 m−2.

Furthermore, retained austenite contents were determined from the XRD data showing ~3%
austenite content in the case of WQ, 150 ◦C and 200 ◦C steels. Tempering at 300 ◦C and 400 ◦C
decomposed the retained austenite, as seen from retained austenite values in Table 2. The previously
discussed transformation of retained austenite during tempering was therefore confirmed by the XRD
measurements. This also affects the mechanical properties of the steel along with precipitation and
carbon redistribution during tempering.

4. Conclusions

The recently developed ultrahigh-strength press-hardening steel was studied in this paper. The
steel was tempered at different temperatures in the range of 150 ◦C to 400 ◦C, and subsequently
tested for mechanical properties. Microstructural characterization along with XRD measurements and
fracture surface inspection were conducted. The following findings were made:

1. A hardness greater than 650 HV/58 HRC was obtained with a tensile strength exceeding 2200 MPa.
Reheating at 980 ◦C prior to quenching resulted in a prior austenite grain size of 12.3 µm and no
quench-cracking was detected after the water quenching. Therefore, milder quenching media are
not necessary to avoid quench cracking in the case of the 10 mm thick plate studied.
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2. Tempering had a significant effect on both the mechanical properties and microstructure of
the steel. The most notable changes in the microstructure were the amount and size of the
precipitates formed during tempering. The water quenched variant showed only minor traces
of auto-tempering, but transition carbides began to form when tempering at 150 ◦C and 200 ◦C.
Tempering at 300 ◦C and 400 ◦C altered the microstructure from martensite to more ferritic
with cementite.

3. The hardness and tensile strength reductions were not substantial for the low-temperature
tempered variants (150 ◦C and 200 ◦C). Further increases in tempering temperature resulted in
a decrease of hardness, strength, and uniform elongation. The yield-to-tensile strength ratio
increased with increasing tempering temperatures. Low-temperature Charpy-V impact toughness
energies increased with tempering until the tempered martensite embrittlement (TME) range
was reached.

4. Fracture surface inspection showed that the shear lip formation increased with increasing
tempering temperature for the impact toughness samples tested at room temperature, with the
highest fraction of ductile fracture in the specimens tempered at 400 ◦C. However, tempering at
300 ◦C or above resulted in decrease in impact toughness when tested at −40 ◦C due to martensite
temper embrittlement.

5. X-ray diffraction (XRD) analysis revealed a decrease of dislocation density with the increasing
tempering temperature, as expected. The retained austenite content was approximately 3% for
the quenched and low-temperature tempered steels but after tempering at 300 ◦C and 400 ◦C
there were no traces of retained austenite, i.e., the decomposition of austenite had occurred.
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Abstract: In our previous study, intercritical quenching from the dual-phase region of ferrite and
austenite regions, which is called lamellarizing (L) treatment, brought a clear improvement of balance
between the strength and toughness of Cu-containing low alloy steel based on American Society
for Testing and Materials (ASTM) A707 5L grade. Moreover, the results imply that the reverse
transformation behavior during L treatment is very important in order to optimize the L treatment
temperature. Hence, the purpose of this paper is to clarify the mechanism by which L treatment
improves the mechanical properties in terms of reverse transformation behavior. Additionally,
offshore structures require good weldability, because the structures generally have a lot of weld
joints. Therefore, weldability was also investigated in this study. The investigation revealed that
coarse Cu precipitates are observed in the not-transformed α phase, so the strength tendency in
relation to the L treatment temperature is relevant to the area ratio of the not-transformed α phase
and the transformed γ phase during L treatment. From the in situ electron back scatter diffraction
(EBSD) results, it is believed to be possible to enhance the mechanical properties of Cu-containing
low alloy steel by controlling the area ratio of the reverse-transformed gamma phase and selecting
the appropriate L treatment temperature. Furthermore, the long part forging of Cu-containing low
alloy steel has a good weldability, since the maximum hardness of the heat-affected zone (HAZ) is
less than 300 HV, and the HAZ of steel has a good crack tip opening displacement (CTOD) property
with less than 2.3 kJ/mm of heat input of GTAW.

Keywords: ASTM A707; Cu-containing low alloy steel; intercritical quenching; long part forging;
offshore application

1. Introduction

Oil and natural gas are major energy sources, accounting for about 60% of the primary energy
in the world. Ultra-deepwater development is expected to increase in the future, as demands for oil
and natural gas increase [1]. Copper-containing low alloy steel based on the American Society for
Testing and Materials (ASTM) A707 5L grade is widely used for structural parts of offshore wells
because of its low carbon equivalent (Ceq) and weld crack sensitivity composition (Pcm) [2–4]. From the
viewpoint of preventing failure and accidents, steel with high strength and excellent low-temperature
toughness is required. Generally, the forging steel is subjected to quenching (Q) and tempering (T).
The steel is reverse-transformed from α to γ by holding the quenching temperature; after that, γ is
transformed to bainite or martensite by water cooling. However, manufacturing large forged parts
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that have homogeneous and excellent properties over the whole length and thickness is difficult, since
there are various reasons such as the segregation of elements, mass effects, and so on.

Therefore, in our previous research, we investigated the effect of intercritical quenching—which is
called lamellarizing (L) treatment—from the dual-phase region of ferrite (α) and austenite (γ) on the
mechanical properties and microstructures of A707 modified steel using 50-kg test ingots [5]. L-treated
steels such as structural steel and steel for very low temperatures have been studied [6–13]. On the other
hand, the effects of L treatment on Cu-containing low alloy steel have not been reported. The strength
of Cu-containing low alloy steel is improved by Cu deposited during heat treatment [2–14]. Therefore,
for the A707 modified steel, the Cu precipitation state is very important to obtain the strength. On the
other hand, it has been reported that the precipitation behavior of Cu-bearing steel differs depending
on each stage of the refining heat treatment, especially intercritical quenching or tempering [15]. So,
it is extremely important to evaluate the mechanical properties of the material whose L treatment
conditions are changed and also show the optimum treatment conditions in A707 modified steel as
well in order to apply for offshore structures. In our previous research, L treatment brought clear
improvement in the balance between the strength and toughness of A707 modified steel [5]. Therefore,
the purpose of this research is to clarify the mechanism of improvement of mechanical properties by
L treatment in terms of reverse transformation behavior, because the behavior during L treatment
is considered to affect the mechanical properties of heat-treated steel due to grain refinement and
the hardness of each phase. Based on our previous results, we applied L treatment to a long forged
product about 20,000 mm long, and studied the mechanical properties, including crack tip opening
displacement (CTOD) and nil ductility transition temperature (NDTT) over the trial production to
check whether or not L treatment has a good effect on the mechanical properties.

In the manufacturing of offshore structures, the weldability of steel is very important because
the structures have a lot of weld joints. In general, the equivalent amount of C is kept at a low level,
and the component design is in consideration of the weldability of the A707 steel. However, since the
element, such as C, Ni, and Mn, diffuses to the reverse-transformed γ phase during the L treatment and
becomes concentrated locally [16], there is also a concern that the local non-uniformity of the element
might reduce the weldability. Therefore, the weldability of the forging that applied L treatment was
evaluated from the CTOD property of the welded part in this study.

2. Materials and Methods

2.1. Material

The specimens used in this study were cut from a 50-kg steel ingot made by vacuum induction
melting (steel A) and a full-scale large forging that weighed approximately 10 metric tonnes (steel B).
Table 1 shows the chemical composition and transformation temperatures of the steels. The steels are
characterized by low C content to obtain good weldability, and high Ni and Cu content to guarantee
adequate hardenability and strength. Moreover, Al and Nb are added to refine the prior austenite
grain size.

Table 1. Chemical composition and transformation temperature of the steels investigated.

Chemical Composition
(mass%)

Transformation Temp.
(K)

C Si Mn Ni Cu Other AC1 AC3

Steel A
(50 kg test ingot) 0.03 0.35 1.40 2.15 1.27 Cr, Mo,

Al, Nb 927 1083

Steel B
(Full-size product) 0.02 0.33 1.30 2.11 1.23 Cr, Mo,

Al, Nb 927 1081

Steel A was forged in the temperature range of 1523 K to 1173 K to a 45-mm thickness at a forging
ratio of approximately 4.0 followed by air-cooling to room temperature. After that, normalizing and
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quality heat treatment with intercritical quenching were carried out. The heat treatment conditions
are shown in Figure 1. The samples were quenched at 1173 K after normalizing at 1233 K, and L
treatment was subsequently conducted at temperatures from 953 K to 1068 K in order to clarify the
effects of L treatment temperature on the mechanical properties and its mechanism in terms of reverse
transformation behavior. After L treatment, these were tempered at 873 K for 4 h. Since steel A is a
forging plate of 45-mm thickness, the cooling rate of a center part of a water-quenched 300-mm thick
section of the long part forging can’t be simulated by ordinary water cooling during quenching and
L treatment. Since the difference in the cooling rate greatly affects the mechanical properties, it is
necessary to control the cooling rate of quenching and L treatment for various investigations using steel
A, which is a screening test for examining the applicability of L processing. Hence, in this research, the
cooling rate of the test of steel A was simulated to be the central part of the water-quenched 300-mm
thick section by the heat treatment furnace, which can control the rate.

 * The cooling rate of quenching and L treatment was simulated to be the central part of the
water-quenched 300-mm thick section by the heat treatment furnace, which can control the rate.

Figure 1. Heat treatment condition producing Q–L–T samples. Q: quenching; L: lamellarizing;
T: temperature.

Figure 2 shows schematic illustration of the full-size product of steel B—which was 20,000 mm
long, with a maximum diameter of 1200 mm and weight of 10 metric tons—and sampling locations.
The production process is as follows: ingot making, hot working, and preliminary and quality heat
treatment with L treatment at 1068 K. The casting ingot, which was 90 metric tons, was hot-forged
to near the final product shape, as shown in Figure 3a. After forging, a quality heat treatment was
conducted using a vertical furnace, as shown in Figure 3b.

 

Figure 2. Schematic illustration of the long part product and sampling positions.
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Figure 3. Photographs of the manufacturing process.

2.2. Experimental Procedure of Mechanical Properties of the Steel with L Treatment

In this study, mechanical properties such as tensile strength, toughness, and fracture toughness
were evaluated by a tensile test, Charpy impact test, drop weight test (DWT), and CTOD test. Following
the ASTM E8 specification, cylindrical tensile test specimens 50 mm in gauge length and 12.5 mm
in diameter were prepared such that the length direction of the specimen was perpendicular to the
main forging direction. The Charpy impact test was conducted using 2-mm V-notched ASTM A370
specimens. The fracture appearance transition temperature (FATT) was also evaluated. The grain sizes
(hereafter called the EBSD grain size, in which EBSD stands for electron back scatter diffraction) of the
samples were estimated from the boundaries with misorientations of 15 degrees or larger determined
by the analysis of EBSD patterns. The EBSD grain sizes and toughness have a correlation [3]. Thus, the
EBSD grain size was measured from a cross-section of the Charpy impact test specimen in order to
clarify the relationship between the L treatment temperature and the EBSD grain size.

The NDTT was measured by DWT in accordance with ASTM E208. The specimen type was P-3
with a crack starter bead. In addition, the CTOD test was carried out using the B × 2B and B × B types
per ISO 15653:2010, as shown in Figure 4. The value of B was 16.7 mm for the B × 2B type specimen,
and 100 mm for the B × B type specimen. The specimens were taken from the center of the forging.
The CTOD tests for the B × 2B type thin series and B × B type thick series were conducted at 253 K and
273 K, respectively. The loading rate (dK/dt) was 0.5–3.0 MPa m1/2/s. CTOD values were calculated
using Equation (1) [17]:

δ =
K2

(

1− ν2
)

2σYE
+

rp(W − a0)Vp

rp(W − a0) + a0 + z
(1)

where δ (mm) is the CTOD value, K (MPa m1/2) is the stress intensity factor, E is Young’s modulus, rP is
the rotation factor, W (mm) is the specimen width, a0 is the initial crack length, Vp (mm) is the plastic
component of the notch-opening displacement, and z (mm) is the distance of the notch-opening gauge
location on the surface of the specimen.
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(a) Thin series (B × 2B) (b) Thick series (B × B) 

Figure 4. Crack tip opening displacement (CTOD) specimen (three-point bending type) sizes of thin
series (a) and thick series (b).

Moreover, Cu precipitation and the behavior of the reverse transformation was observed in this
study to clarify the mechanism of the L treatment on the steel. Cu precipitation in the Q (hereafter
called as-Q) and the Q-L (hereafter called as-L) material was observed using a transmission electron
microscope (TEM). Moreover, reverse transformation behavior was checked using in situ EBSD, which
was able to measure at high temperatures. The in situ EBSD test condition is shown in Figure 5.
The reverse transformation behavior was researched at temperatures from 823 K (below AC1) to 1103 K
(above AC3), as shown in Figure 5a, using the as-quenched sample of steel A. Moreover, the test was
carried out at 1053 K and 1068 K for 2 h to clarify the relationship between the area ratio of these phases
and the holding time of the L treatment (see Figure 5b).

 
(a) Reverse transformation behavior (b) change with time 

Figure 5. In situ EBSD test conditions of the evaluation of reverse transformation behavior (a) and
change over time (b).

2.3. Experimental Procedure of Weldability of the Steel

The weldability was evaluated using welding test plates 250 × 400 × 20 mm in size, which were
cut from the long part of the full-sized production forging. The test plates were welded using gas
tungsten arc welding (GTAW) or submerged arc welding (SAW). Figure 6 and Table 2 show schematic
illustrations of the welding test plate and welding conditions, respectively. The welding heat input
was changed from 1.5 kJ/mm to 3.5 kJ/mm in order to investigate the relationship between heat input
and mechanical properties, especially the toughness of the heat-affected zone (HAZ) for the weld
joint. After welding, each specimen was cut from the weld test plate without preheating or post-weld
heat treatment.
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Figure 6. Schematic illustration of welding test plate.

Table 2. Welding conditions.

Welding Process
Abbreviated
Expression

Consumable
Maximum Heat Input

(KJ/mm)

Submerged arc welding SAW A5.23
F9A8-EG-G

3.5
2.5
1.8

Gas tungsten arc welding GTAW A5.28 ER100S-G
2.7
2.3
1.6

The macrostructures of the weld joints were observed using cross-sections of the joints. Specimens
was cut perpendicularly to the welding direction and etched in a copper chloride ammonia and
hydrochloric acid solution. The Vickers hardness profile was measured at 1-mm depth from the surface
of the weld joints. In addition, the CTOD test was conducted in this study. The specimens for the
CTOD test were B × 2B (15 × 30 mm) in accordance with BS 7448 Part 2, and the notch of the CTOD
specimen was located at the center of the weld metal, which is called the fusion line (F.L.), as well as
at F.L. + 1 mm, F.L. + 2 mm, and F.L. + 5 mm. After preparation of the specimen, local compression
treatment was conducted according to BS 7448 Part 2 to introduce straight initial fatigue pre-cracking.
Then, the test was carried out at 273 K.

3. Results and Discussion

3.1. Effect of L Treatment Temperature on Mechanical Properties

In our previous study [5], we investigated the mechanical properties of a Q–T sample and Q–L–T
sample and the effect of L treatment temperature on the mechanical properties of the steel. The Table 3
shows a summary of the mechanical test data of the Q–T and Q–L–T samples for various L temperatures.
Based on those results, the effects of L treatment on mechanical properties are as follows:

1. The tensile strength (T.S.) of the Q–L–T sample is comparable to that of the Q–T sample. Also,
0.2% yield strength (Y.S.) is slightly decreased by L treatment.

2. The toughness is dramatically improved by L treatment.
3. The strength–toughness balance was obviously improved by L treatment at 1068 K (near the AC3

point of the steel).
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Table 3. Summary of the mechanical test data of the Q–T sample and Q–L–T samples obtained at
various L temperatures.

Heat
Treatment

Process

L Treatment
Temp.

(K)

0.2% Y.S.
(MPa)

T.S.
(MPa)

El.
(%)

R.A.
(%) YR (-) FATT (K)

Each Ave. Each Ave. Each Ave. Each Ave.

Q-T - 642
640

729
729

28
28

75
76 0.88 233638 729 28 76

Q-L-T 1053
569

569
725

726
27

27
76

75 0.78 193570 727 27 75

Q-L-T

953
564

570
675

680
29

29
80

80 0.84 198575 684 28 80

1003
525

525
661

661
31

31
81

82 0.79 190525 661 31 82

1038
532

530
665

664
30

30
80

80 0.80 185527 663 30 79

1053
531

532
663

663
31

31
81

81 0.80 190532 663 30 81

1068
568

567
684

684
29

30
80

81 0.83 178566 683 31 82

Moreover, based on the above results, we investigated whether or not it is possible to obtain a good
effect of L treatment on mechanical properties using a full-scale long forging product manufactured
from A707 Grade L5 modified steel. The mechanical properties at each location are summarized in
Table 4. From the above results, it was confirmed that the full-scale forging product was chemically
homogeneous across its whole length, and had excellent tensile properties and fracture toughness
using L treatment.

Table 4. Typical production test results in a trial product.

Sampling Location
0.2% Y.S.

(MPa)
T.S.

(MPa)
El.

(%)
R.A.
(%) YR

(-)
FATT

(K)
NDTT

(K)
CTOD Value
δ (mm)

Each Ave. Each Ave. Each Ave. Each Ave.

Thin part*

TP
618

617
692

692
28

29
82

82 89 163 208
1.52 (δm)
1.27 (δm)
1.17 (δm)

616 691 29 82

MP
606

607
681

681
29

29
82

82 89 159 208
1.27 (δm)
1.46 (δm)
1.38 (δm)

607 681 29 82

Thick part*

FP
552

547
669

666
30

30
81

81 82 159 228
2.89 (δm)
2.98 (δm)
2.35 (δu)

542 663 30 81

BP
557

562
676

677
30

30
81

81 83 160 228
2.96 (δm)
2.86 (δm)
3.23 (δm)

566 678 30 81

* The shapes of the specimens for the CTOD test were B × 2B at the thin part and B × B at the thick part. The value
of B was 16.7 mm for the B × 2B type specimen and 100 mm for the B × B type specimen. The CTOD tests for the
B × 2B type thin series were conducted at 253 K, and the B × B type thick series was tested at 273 K.

These investigations clarified that L treatment is the better method to improve the mechanical
properties of full-scale long forging products, but it is necessary to consider the mechanism.
We considered that the effect of the L treatment temperature on the balance of strength and toughness
depends on the ratio of the reverse transformed γ phase and the not-transformed α phases during
L treatment. Therefore, the reverse transformation was investigated over a temperature range from
below AC1 to above AC3 using in situ EBSD in order to clarify the microstructure variation during
the treatment. The phase maps are shown in Figure 7. The gray region shown in Figure 7 indicates
the not-transformed α phase, and the light yellow region indicates the reverse transformed γ phase
at the measurement temperature. Figure 7a shows that all of the regions are in the α phase, and
reverse transformation has not occurred, since 823 K—which is the measurement temperature—is
about 100 K lower than the AC1 point of the steel. However, small amounts of reverse transformed γ
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phases were generated from the grain boundaries of the α phase at 903 K, and the reverse transformed
γ phase region spread with increasing temperature. Furthermore, the insides of grains were observed
at 1003 K. When the temperature was raised to 1053 K or 1083 K, there was a complicated structure
consisting of not-transformed α phases and transformed γ phases. Over 1103 K, the microstructure
consisted entirely of transformed γ phases. The in situ EBSD measurement results indicate that a fine
and complicated microstructure is formed by L treatment at higher temperatures between AC1 and
AC3. The complicated structure seems to indicate that the crystal grain after the L treatment become
extremely fine.

The area ratio of the transformed γ phase depends not only on the temperature of the L treatment
but also on the holding time [8]. Hence, it is necessary to grasp the relationship between the γ phase
and holding time to develop the mechanical property-improving effect due to the complication of the
microstructure caused by the L treatment. Figure 8 shows changes with time in the area ratio of the
not-transformed α phase and the transformed γ phase measured by in situ EBSD. The area ratios of
the transformed γ phase when the temperature reached 1053 K and 1068 K were approximately 40%
and 60%, respectively. At both temperatures, the proportion of the reverse transformation γ phase
increased with the increase of the holding time, and the area ratio of the transformed γ phase reached
approximately 60% at 1053 K and 90% at 1068 K after holding for 120 min. The area ratio of the γ phase
at 1068 K also became almost constant beyond 100 min. Therefore, the necessary L treatment time is
thought to be at least 100 min in order to stably obtain the mechanical property-improving effect.

α γ
α

γ
α γ

α γ
γ

γ
γ

α γ
γ

γ
γ

γ

   
(a) 823 K (b) 903 K K (c) 1003 K 

   
(d) 1053 K (e) 1083 K (f) 1103 K 

α γFigure 7. Phase maps of not-transformed α phase and transformed γ phase at 823 K (a), 903 K (b),
1003 K (c), 1053 K (d), 1083 K (e), and 1103 K (f).
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Figure 8. Changes with time in the area ratio of the not-transformed α phase and the transformed γ

phase during L treatment at 1053 K and 1068 K.

As mentioned above, the material is Cu precipitation-strengthened steel. Hence, it is important to
elucidate the Cu precipitation behavior in the not-transformed α phase and in the transformed γ phase
during L treatment. Figures 9 and 10 show TEM images and element (Ni, Cu, and Mn) maps using
TEM-Energy Dispersive X-ray Spectroscopy (EDS), respectively. No Cu precipitates were observed in
the as-Q sample, while Cu precipitated significantly in the as-L sample. It should be noted that there
are Cu precipitated region and non-precipitated regions. The region containing coarse Cu precipitates
seems to be in the not-transformed α phase, because the α phase tempered at high temperatures
during L treatment. On the other hand, the region containing no Cu precipitates is considered to be
the transformed γ phase, and Cu may be dissolved in the matrix. The region at which coarse Cu
precipitated is presumed to be the not-transformed α phase, because the not-transformed α phase is
tempered during the L treatment, and the precipitated Cu is simply coarsened.
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α γ
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γ
transformed α phase, because the not
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(a) As Q (b) 953 K (c) 1053 K 

Figure 9. TEM images of as-Q sample (a) and as-L sample heated to 953 K (b) and 1053 K (c).
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(a) L treatment temperature: 953 K 
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Figure 10. Element mapping images of TEM-EDS of Q–L samples heated to 950 K (a) and 1053 K (b).

3.2. Mechanism of Improvement of Mechanical Properties by L Treatment

As mentioned above, the influences of the L treatment temperature on mechanical properties are
as follows:

1. The strength of the Q–L–T material becomes lower than that of the Q–T material in the cases
where the L treatment was carried out in the temperature range from 1003 K to 1053 K (between
AC1 and AC3).

2. The toughness gradually improves as the L treatment temperature increases.

Firstly, we discuss the main reason for phenomenon (1). The strength of Cu-added steel generally
depends on the dispersed state of Cu precipitation resulting from heat treatment [2,14], and the
precipitated state is dependent on the L treatment temperature [15]. When the steel is heated to
about 723 K to 823 K, the strength increases by age hardening, but the strength decreases in an
overaging treatment at temperatures over 823 K. Additionally, L treatment is a heat treatment in the
two phases (α and γ). The investigation implied that the not-transformed α phase is softened during L
treatment, because it is heated up to 1068 K. Hence, the strength could be decreased in the softened
not-transformed α phase. The results shown in Figures 9 and 10 also indicate that the decreased
strength is consistent with coarse Cu precipitates. On the other hand, Cu precipitates dissolve into
transformed γ phases again, and then the γ phases are quenched. Hence, the γ phases harden due to
Cu precipitation during tempering. L treatment at 953 K (right above AC1) has a trivial effect on the
strength, because the not-transformed α phase was tempered at low temperatures. However, as the L
temperature for treating the steel ranged between 1003–1053 K, the strength was notably decreased
due to the not-transformed α phase treated with high-temperature tempering. For the L treatment at
1068 K (right below AC3), the strength of the sample was higher than that treated at approximately
1003 K to 1053 K. According to Figure 8, the transformed γ phase became the main phase after holding
at 1068 K for 2 h; therefore, the harder phase inherited the γ phase, leading to improve strength.

Secondly, we discuss the main reason for phenomenon (2). Previous research has suggested that
the retained γ phase is stabilized by L treatment and is helpful for enhancing the low-temperature
toughness of the 9% Ni steel [6]. However, the Cu-containing low alloy steel did not have a retained
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γ phase after L treatment, so the improvement of toughness owing to the L treatment is not related
to the retained γ phase for this steel. Therefore, it is necessary to verify the mechanism of toughness
improvement other than the retained γ phase. Thus, we focused on the EBSD grain size that indicates
the distribution of high angle grain boundary (HAGB), because the HAGB generally has high crack
propagation resistance [18]. In other words, the refinement of EBSD particle size indicates an increase
in the frequency of HAGB. The EBSD grain size of each sample underwent L treatment at a temperature
range from 953 K to 1068 K in order to investigate phenomenon (2). The results are shown in Table 5
and Figure 11. The EBSD grain size became finer as the L treatment temperature increased, and also,
the grain size of the sample treated at an optimized temperature, which was 1063 K, was the finest
among the four samples. These results suggest that the toughness improvement with the increasing
L temperature is due to the grain refining. Furthermore, in past literature [19], it is reported that
the effective grain size corresponding to the destructive unit of the brittle fracture is refined, and
the toughness is improved along with the refinement of the EBSD grain size. This report supports
our results.

Table 5. The electron back scatter diffraction (EBSD) grain size of Q–L–T samples treated at
various temperature.

L Treatment Temperature (K) EBSD Grain Size (µm)

Average Maximum

953 12.5 129
1003 10.8 96
1053 10.5 84
1068 7.2 49

γ

 

reverse transformed γ phase and 

Figure 11. Relationship between L treatment temperature and maximum EBSD grain size.

Reference [8] reported that the optimum L treatment of SA508 Gr.3 steel is at a relatively low
temperature between the AC1 and AC3 of the steel, and the trend is different from the research results
using A707 modified steel. In A707 modified steel, when the L treatment temperature is relatively
high—that is, near the AC3 point—a good balance of strength and toughness could be obtained. This is
considered to be the difference in whether the mechanical properties after the L treatment are due
to the precipitation or dispersion of carbides, or the area ratio of the reverse transformed γ phase
and the Cu precipitates. In the SA508 Gr.3 steel, the C content is about 0.20 mass%, and the carbides
precipitated during the L treatment have an effect on the mechanical properties. On the other hand, the
carbides might be slightly precipitated during the treatment in A707 modified steel, because the steel
has 0.03 mass% C. Accordingly, the refinement of the grain size by reverse transformation during the L
treatment and precipitation state of the Cu become dominant with respect to the mechanical properties.
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From these results, it is considered that the optimum L treatment condition differs depending on the
steel type, because the influence factor affecting the mechanical properties is different.

Based on these results, schematic illustrations regarding changes in the microstructure and
precipitates during the L treatment of A707 modified steel are shown in Figure 12. Reverse
transformation does not proceed in the state at 953 K that is shown in Figure 12a, so the grain
refining and the toughness improvement are not achieved. At 1053 K, as shown in Figure 12b, the
toughness improves due to the refined grain size with the reverse transformation, but the strength is
decreased by the not-transformed α phase containing coarse Cu precipitates, because the area ratio of
the not-transformed α phase still remain approximately 40% after L treatment. At 1068 K, as shown in
Figure 12c, the α phase almost transforms to the γ phase after 2 h. The transformed γ phase bears the
strength of the steel, because it becomes fresh bainitic ferrite during the cooling process of L treatment,
and furthermore, Cu precipitates in a matrix during tempering. It is important to retain a small
amount of not-transformed α phase during L treatment for grain refining. From the above hypotheses,
it is believed to be possible to enhance the mechanical properties of Cu-containing low alloy steel
by controlling the area ratio of the reverse transformed γ phase and by selecting the appropriate L
treatment temperature.

α
α

α γ γ

α

γ

 

Figure 12. Schematic illustrations of changes in microstructure and precipitates during L treatment at
953 K (a), 1053 K (b), and 1068 K (c).

54



Appl. Sci. 2019, 9, 1705

3.3. Weldability of Cu-Containing Low Alloy Steel

The weldability of the steel was evaluated using a weld plate cut from near the top part (TP) of the
full-scale forged product. The macrostructures of the cross-sections of the joints welded at 2.5 kJ/mm
with SAW and 2.3 kJ/mm with GTAW are shown in Figure 13. No welding defects were observed in
either macrostructure photo. Figure 14 shows the Vickers hardness distribution of each weld joint at
1-mm depth from the surface. Both weld joints had over-matching profiles, and also a maximum HAZ
hardness of about 290 HV, which were acceptable values for offshore applications.

 

(a) SAW (b) GTAW 

δ

Figure 13. Macrostructures of cross-sections of submerged arc welding (SAW) (a) and gas tungsten arc
welding (GTAW) (b) weld joints.

  
(a) SAW (b) GTAW 

δ

Figure 14. Hardness profiles of the SAW (a) and GTAW (b) weld joints.

CTOD tests were performed at 273 K on five different notch locations of the SAW weld joint made
under a heat input of 3.5 kJ/mm. The results are shown in Figure 15. The test load reached a maximum
at the weld metal, F.L. + 2 mm and F.L. + 5 mm, and the CTOD values were judged to be δm. However,
the CTOD value decreased approaching the F.L., and showed the lowest value at the F.L. The critical
CTOD value was 0.06 mm at the F.L. location. An inverse pole figure (IPF) map with HAGB was
measured at the F.L. and F.L. + 2 mm locations using EBSD in order to estimate the low CTOD value of
the F.L. The results are shown in Figure 16. Fine grains were observed at the F.L. + 2 mm location,
but there were coarse grains at the F.L. The temperature rise caused by welding probably leads to
significant grain coarsening near the F.L. It is well-known that the toughness of the HAZ is decreased
by the formation of coarse grain HAZ. Hence, it is important to reduce the heat input to the welded
part, and suppress the grain coarsening in order to improve the toughness of the welded part.
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Figure 15. CTOD test results at each location welded using SAW of 3.5 kJ/mm (test temp. 273 K).

 

Figure 16. Inverse pole figure (IPF) maps with HAGB (black line) of weld joint (a) at the fusion line
(F.L.) + 2 mm location (b) and the F.L. (c).

Figure 17 shows the relationship between heat input and CTOD values at the F.L. of SAW or
GTAW. For SAW, the CTOD values with a heat input of 2.5 kJ/mm were almost the same as those at 3.5
kJ/mm, but those of 1.8 kJ/mm were slightly higher than the other two. On the other hand, the CTOD
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properties were significantly improved with low-heat input GTAW. The critical CTOD values with
heat inputs of 2.7 kJ/mm and 1.6 kJ/mm were 0.17 mm and 0.62 mm, respectively. The results suggest
that the CTOD property has a tendency to improve with the decreasing heat input of the weld, and the
tendency in GTAW was clearer than that in SAW. The difference between the SAW and GTAW results
might be due to the shape of the HAZ, and we will work to clarify this in future studies. We have
concluded that the long part forgings of Cu-containing low alloy steel have a good weldability, because
the maximum hardness of HAZ is less than 300 HV, and the HAZ of steel has a good CTOD property
with heat input less than 2.3 kJ/mm using GTAW.

•

•

• α

α γ
α

•
γ

•

Figure 17. Relationship between CTOD value and heat input for SAW and GTAW weld joint at F.L.
(test temperature: 273 K).

4. Conclusions

The effects of L treatment temperature on the mechanical properties of A 707 Grade L5 modified
steel were investigated, and the mechanisms of the effects were also discussed in terms of the reverse
transformation behavior and precipitates. In addition, L treatment was applied to a full-scale long part
product, and the weldability of the product was evaluated. In conclusion:

• The strength–toughness balance was obviously improved by L treatment at 1068 K (near the AC3

point of the steel), and an investigation of the mechanical and fracture toughness properties of the
overall product revealed that L treatment resulted in high quality characteristics of the forging for
use in an offshore structure.

• The in situ EBSD measurement results indicate that a fine and complicated microstructure is
formed by L treatment at higher temperatures between AC1 and AC3. The complicated structure
seems to indicate that the crystal grain after the L treatment become extremely fine. Moreover,
it is clear that the necessary L treatment time is at least 100 min in order to stably obtain the
mechanical property-improving effect.

• TEM–EDS analysis shows that coarse Cu precipitates are observed in the not-transformed α

phase. Thus, the strengthening effect of the L treatment temperature is relevant to the area ratio
of the not-transformed α phase and the transformed γ phase during L treatment. The strength,
especially the Y.S., seems to be decreased by the not-transformed α phase acting as a softer phase.

• The EBSD results indicate that the improvement of toughness is due to the refining of the EBSD
grain size by the transformed γ phase that is generated during L treatment.
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• The long part forgings of Cu-containing low alloy steel have good weldability, since the maximum
hardness of HAZ is less than 300 HV, and the HAZ of steel has a good CTOD property with less
than 2.3 kJ/mm of heat input using GTAW.
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Abstract: In high-strength martensitic steels, the inclusions significantly affect the material
performance especially in terms of fatigue properties. In this study, a numerical procedure to
investigate the effect of the inclusions types and shapes on the residual stresses during the cooling
process of the martensitic steels is applied systematically based on the scanning electronic microscopy
(SEM) and energy dispersive spectrometer (EDS) results of different types of inclusions. The results
show that the maximum residual stress around the interface between Mg-Al-O inclusion and the
matrix is the largest, followed by TiN, Al-Ca-O-S, and MnS when the inclusions are assumed as
perfect spheres for simplicity. However, these results are proved to be 28.0 to 48.0% inaccurate
compared to the results considering actual shapes of inclusions. Furthermore, the convex shape of
inclusion will lead to stress concentration in the matrix while the concave shape of inclusion will lead
to stress concentration in the inclusion. The residual stress increases with the increase of inclusion
edge angle. The increase rate is the largest for TiN inclusions on the concave angle, which leads to
extreme stress concentration inside TiN inclusion.

Keywords: martensitic high strength steel; inclusion; residual stress; Abaqus

1. Introduction

Driven by the increasing demand on the higher mechanical performance of engineering structures,
high-strength steels are steadily developed and widely applied in recent decades in multiple areas, e.g.,
automotive, high-speed trains, and aerospace. The high strength is mainly obtained by the in-depth
and complicated design of the microstructure of steels, which also leads to new damage mechanisms
for multiphase steels [1–5]. In terms of fatigue properties, a fatigue limit is normally evident for
the conventional steels developed some decades ago [6–8]. Murakami et al. [9] reported that the
fatigue limit increases with the increase of steel hardness and decreases with the increase of the defect
area. Therefore, increasing the strength of materials is leading to a higher hardness and eventually
a higher fatigue strength limit assuming the same defect size. However, for the recently developed
high-strength steels, it is found that even when stress amplitude is lower than fatigue limit, the fatigue
crack still will occur when fatigue life reaches a certain level [9–12]. For higher stress and lower fatigue
life, fatigue crack usually occurs from the component surface; for lower stress and longer fatigue life,
fatigue crack usually occurs from inner microstructure [13].
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The deformation heterogeneity in microstructure level, which is responsible for the damage
and failure in general for steels, can be generally caused by two different mechanisms: the matrix
inhomogeneity and the matrix-inclusion inhomogeneity [14,15]. Many researchers have focused on the
effect of matrix inhomogeneity on mechanical properties, their damage mechanism with experiments
and modelling. Lian et al. investigated the damage mechanism of a DP600 steel under different stress
states experimentally [16] and via micromechanical simulation [17] and found that damage is initiated
at the boundary of ferrite and martensite due to their strong deformation incompatibility. It was further
revealed that the damage initiation is by nature stress state dependent due to the strain localization
dependency of stress states. Krupp et al. [18] studied the fatigue crack initiation process of duplex
stainless steel and quantified the interactions of cracks with the first microstructural barrier. Alharbi et
al. [19] investigated the stress state of martensite and ferrite before cracking of dual phase DP1000 steel
and estimated for crack initiation in the martensite. He et al. [20] reported that for a ferritic–pearlitic
steel, the initiation of the cleavage fracture is located in the pearlitic phase where the ferrite and the
cementite show a lamella structure with different properties.

In addition to steel matrix inhomogeneity, inclusions also play a significant role during the failure
process. Fairchild et al. [21] reported the influence of inclusions on cleavage initiation and the relation
between inclusion crack and steel matrix crack. Yang et al. [22] studied 42CrMo steel with different
amounts of inclusions and found that the fatigue property was better with fewer inclusions. Sakai et
al. [23] found that internal inclusions could lead to the formation of the penny-shape fine granular
layer around inclusions during long-term cyclic loadings, which would cause small cracks inside
the steel matrix. While investigating inclusions in steel, it is also found that there are multiple types
of inclusions in steels [24,25] generated in different processes during the steel production [26,27].
For example, the Al2O3 inclusion is produced during melting of steel while the TiN inclusions are
produced during the casting of steels. Besides, the shape, size, and composition of inclusions, affected
by the production method, also differ, leading to different effects on the mechanical properties of
steels [28,29].

The production processes additionally induce another level of inhomogeneity, residual stresses,
based on the microstructure-level inhomogeneity. For the steel matrix, it is found that the mechanical
deformation, such as rolling [30] and indentation or surface treatment [31] could introduce the
grain-level residual stresses and they are grain orientation dependent. For the interaction between the
steel matrix and inclusions, the thermal treatment, e.g., cooling, could induce large local residual stress,
which would affect the mechanical properties of the steel significantly [32]. These residual stresses
are generally generated due to the different thermal expansion properties of inclusions and steel
matrix during temperature variation. Brooksbank and Andrews [33,34] developed a model to calculate
the residual stress around spherical and cylindrical inclusions and reported the residual stresses
around the boundaries between different inclusions and steel matrix were different. This model was
widely applied by researchers to calculate residual stresses around inclusions in different steels [35,36].
Murakami and Uchida [37] claimed that the residual stresses induced by different thermal expansion
properties around Al2O3 inclusions will lead to debonding of inclusions from steel matrix based
on calculations, which seriously affects the mechanical properties of steel. In addition to common
inclusions, carbides, which are close to the surface, will also cause irregular stress distribution [38].
In terms of finite element-based modelling, there are researchers simulating the residual stresses around
inclusions and analyze their effects on mechanical properties. Pineau and Forest [39] performed
an elastic–plastic finite element calculation to determine the residual stresses in the vicinity of
the inclusions. The results show that the residual equivalent plastic flow occurs all around the
inclusion during cyclic loading, which plays an essential role in crack initiation. Gu et al. [40,41]
proposed a microstructure-based model considering residual stress induced by temperature variation.
This model offers a more arcuate prediction on crack initiation site during fatigue process compared to
the model neglecting residual stress.
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Although all these above-mentioned studies offer good illustrations of the numerical residual
stress distributions around inclusions and their strong effects on the mechanical behaviour, the gap is
also evident: Actual inclusion shape is not considered. For simplicity, these models and calculations
only considered the inclusion as a simple geometrical shape, such as spherical and cylindrical.
For actual inclusions in steel, the shape varies dramatically and contains multiple details, which will
greatly affect the residual stress distribution around inclusions. In terms of experiments, quantifying
residual stress around inclusions still faces challenges due to the redistribution of residual stress while
machining specimens. Therefore, it is aimed in this study to apply a numerical procedure to investigate
the effect of the inclusions types and shapes on the residual stresses systematically during the cooling
process of the martensitic steels. It is emphasized that by using a numerical approach, the shape
effect and the effect of the inclusions type in terms of the mechanical properties can be distinguished
and individually studied. The ideal spherical shape is first assumed for all the inclusions, and the
numerical results are compared with the analytical model. Furthermore, models were established with
the actual shapes of inclusions in steel, and the residual stress distributions were analyzed numerically
to clarify the relation between shape variation and residual stress distribution of different inclusions.
A further quantitative comparison study of the residual stress result between the inclusions with ideal
shape and the actual shape was conducted. This study provides the basis for further researches on
numerical prediction of crack behaviour and cracks mechanism modelling for high-strength steels.

2. Materials and Methods

The material in the present study is high carbon martensitic bearing steel with 1.12% C and 1.41%
Cr. The main chemical composition is shown in Table 1. This material was hot rolled into a steel bar
with a diameter of 35 mm, vacuum oil quenched after holding for 20 min at 835 ◦C and tempered for
120 min at 180 ◦C.

Table 1. Main chemical composition (unit: weight %).

C Cr Si Mn P S Cu Al

1.12 1.41 0.37 0.42 0.017 0.004 0.078 0.02

The mechanical properties were tested with the specimen represented in Figure 1. The specimen
was perpendicular to the cross section of the steel bar. According to recent studies [42–45],
the manufacturing methods of the specimen can affect the results of the tensile test. In this
study, the cutting method of a wire electro discharge machining was adopted. With this method,
the geometric-dimensional requirements can be easily met without any significant change in the
mechanical properties. The extension rate of the tensile test was 1.0 mm/min. A metallographic
specimen was also taken from the steel bar and polished by SiC paper and diamond suspensions in the
cross-section of steel bar. Nonmetallic inclusions were observed with scanning electronic microscopy
(SEM) and the compositions of inclusions were analyzed with energy dispersive spectrometer (EDS).
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Figure 1. Specimen geometries and their taken positions.

3. Modelling and Simulation

The geometrical profiles of typical inclusions in the steel observed with SEM were captured
as coordinates with MATLAB (version 2016a, MathWorks, Natick, MA, USA, 1984). Due to the
differences in contrast between inclusion and steel matrix in the SEM picture, the MATLAB codes
can assist to recognize the details of inclusion shape in a desirable way. Thereafter, the coordinates of
inclusion shape were processed by a Python script using the Abaqus (Dassault Systèmes Simulia Crop.,
Providence, RI, USA, 1994) extension of the Python programming language to create the inclusion
component of the Abaqus model. The version of Abaqus is Abaqus 2017. The steel matrix was set
as a square area (30 × 30 µm2) and assumed to be a homogeneous material with a single phase and
elastic only. The inclusions were positioned in the middle of the matrix area so that the residual stress
around the inclusion was not affected by the matrix interface.

The simulated process was the cooling procedure during oil quenching. The temperature variation
was from 835 ◦C to the room temperature, which was set at 20 ◦C. The temperature was defined with
pre-defined field in Abaqus/Standard. The thermal expansion coefficients and the mechanical property
parameters of different inclusions and steel matrix were obtained from references and experiments in
the present study.

During the cooling process, the thermal stress of every node during the elastic deformation in the
inclusion-matrix system was calculated with Equation (1).

ε = αi(T − T0) (1)

where i is the material definition number, which represents steel matrix and different inclusions; αi is
the thermal expansion coefficient; T0 is the initial temperature, and T is the current temperature.

To avoid over constraining the thermal expansion of the system and guarantee the accuracy of
the simulation, it is important to define proper interface conditions. In the present study, the left side
of the square steel area was fixed in the x-direction and still can move in the y-direction. The element
type is set as “continuum-plane stress-3 nodes (CPS3)”. The simulation type is static.
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4. Results and Discussion

4.1. Properties of Inclusion and Steel Matrix

The stress vs. strain curve of the martensitic steel is shown in Figure 2 based on the tensile tests
described in Section 2. According to the figure, the mechanical properties of the steel matrix are shown
in Table 2.

 

−

Figure 2. Stress vs. strain curve of the martensitic steel.

Table 2. Mechanical properties of the martensitic steel.

Material Yield Stress (MPa) Tensile Stress (MPa) Young’s Modulus, E (GPa)

Martensitic steel 2369 2633 206

There are four main types of inclusions in the martensitic steel: spinel (Mg-Al-O), calcium
aluminum (Al-Ca-O-S), titanium nitride (TiN), and manganese sulfide (MnS). The typical morphologies
are shown in Figure 3. The Mg-Al-O inclusions are usually polygon. The Al-Ca-O-S inclusions are
usually spherical. The TiN inclusions are usually irregular in shape. The MnS inclusions usually
precipitate in the grain interface as spherical, cylindrical or irregular. All these different shape features
will contributed to the variation of residual stress distribution around inclusions, which will be
discussed in Section 4.3. The thermal expansion coefficients and the mechanical properties of different
inclusions, as well as the steel matrix, are presented in Table 3, which are the required material
parameters of the simulation in the following sections.

 

−

Figure 3. Scanning electronic microscopy (SEM) micrographs of typical inclusions: (a) Mg-Al-O;
(b) Al-Ca-O-S; (c) TiN; (d) MnS.

65



Appl. Sci. 2019, 9, 455

Table 3. Mechanical properties of the steel matrix and the inclusions in the martensitic steel [33,34,46].

Material
Coefficient of Linear

Expansion, α (10−6·◦C)
Young’s Modulus,

E (GPa)
Poisson’s Ratio, v

Mg-Al-O 8.4 271 0.26
Al-Ca-O-S 5.0 113 0.23

MnS 14.8 103 0.30
TiN 9.4 320 0.19

Steel matrix 23.0 206 0.30

4.2. Residual Stress Distribution Around Spherical Inclusions

The residual stress distribution around inclusions was already calculated by Brooksbank and
Andrews [33]. In their model, inclusions were simplified as perfect spherical. The radial stress in the
surface between inclusion and steel matrix can be calculated with Equations (2) and (3).

σR =
(αM − α)∆T

0.5(1+υM)+(1−2υM)d3

EM(1−d3)
+ (1−2υ)

E

(2)

d = R/RM (3)

where αM and α are the coefficients of linear expansion of the steel matrix and the inclusion, respectively;
vM and v are the Poisson’s ratios of the steel matrix and the inclusion, respectively; EM and E are
the Young’s modulus of the steel matrix and inclusion, respectively; ∆T is the difference between
the holding temperature before vacuum quenching and the room temperature; R is the radius of
the inclusion, and RM is the radius of the steel matrix around a single inclusion, which is half of the
distance between two inclusions with the same type.

To clarify the influence of inclusion type on residual stress distribution and make a comparison
of the calculation results in the present study with the model of Brooksbank and Andrews, perfect
spherical Mg-Al-O, Al-Ca-O-S, TiN, and MnS inclusions were inserted in the square steel matrix.
The geometry model and the calculation results of residual stress distribution are shown in Figure 4.
It is obvious that the residual stress in the steel matrix around the inclusion decreases when the
distance to inclusion surface increases. The position of the maximum stress is on the surface between
the inclusion and steel matrix. When the inclusion is spherical, the stress on the surface between
inclusion and steel matrix keeps constant around the inclusion. This constant maximum stress varies
with inclusion type. The value of Mg-Al-O inclusion is the largest, followed by TiN and Al-Ca-O-S
inclusions while the value of MnS inclusion is the smallest. These simulation results are also compared
with the calculation results with Equations (2) and (3) in Figure 5. Except for TiN inclusions, the order
of the values of the maximum residual stress on the interface between inclusions and steel matrix
calculated with the two methods keeps consistent, while the results of TiN inclusions differ more
greatly. It is noted that all the residual stresses around perfect spherical Mg-Al-O, Al-Ca-O-S, TiN,
and MnS inclusions are compressive due to smaller α of inclusions than steel matrix.
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Figure 4. (a) Geometric illustration of the model for the residual stress simulation during cooling;
residual stress distributions around the spherical inclusion of (b) Mg-Al-O; (c) Al-Ca-O-S; (d) TiN;
(e) MnS.

 

Figure 5. Comparison of simulated residual stresses and the maximum residual stress on the interface
between steel matrix and inclusions calculated with Equation (2): (a) Mg-Al-O; (b) Al-Ca-O-S; (c) TiN;
(d) MnS.
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4.3. Residual Stress Distribution Around Actual Inclusions

When inclusions are assumed as spherical, the shape details are actually neglected. Nevertheless,
as shown in Figure 3, the inclusions of different types usually possess different geometry shapes,
which will lead to important stress concentration around interfaces between the inclusions and the
steel matrix. In this Section, four types of inclusions in Figure 3 were inserted in the square steel area,
and the residual stress distributions were simulated. The simulation results are shown in Figure 6.
Generally, the residual stress also decreases when the distance to inclusion surface increases, which is
consistent with the case of the perfect spherical inclusion, while the maximum residual stresses for
these four types of inclusions all increased compared to the maximum stress of spherical inclusions.
Besides, the residual stress on the surface between the inclusion and the steel matrix changes with the
shape of inclusions.

 

−

− − ≤ ≤

Figure 6. Residual stress distributions around the inclusions with their actual shapes: (a) Mg-Al-O;
(b) Al-Ca-O-S; (c)TiN; (d) MnS.

To quantitatively analyze the effect of the inclusion shape on residual stress changes,
two parameters were introduced: the edge angle θsv,i and the local residual stress σsv,i. These two
parameters represent the smooth of the inclusion edge and the corresponding local residual stress
for each θsv,i. The calculation method of θsv,i is shown in Equation (4) and the schematic is shown in
Figure 7.

θsv,i = θi+1 − θi (4)

where i is the identification number of digital point on the inclusion edge. All the digital point were
sequenced continually in an anticlockwise direction. θi is the angle between the x-axis and the straight
line through the (i-1)th and the ith digital point on the inclusion edge, which can be calculated with
Equation (5).

θi = arctan [(yi − yi-1)/(xi − xi-1)] (0 ≤ θi ≤ 180◦) (5)

where xi and yi are the coordinates of the digital ith point on the inclusion edge. When θi is a positive
value, the local part of inclusion is convex; when θi is a negative value, the local part of inclusion is
concave. The smaller the absolute value of θsv,i is, the smoother the inclusion edge is. When θsv,i is
zero, the local shape of the inclusion is a straight line. For a right angle, θsv,i is 90◦. It is to be noted
that, the distance between each neighboring point will affect the result of θsv,i. Therefore, the distance
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between each neighboring point is kept consistent in this study which offers a value of 3.6◦ for θsv,i in
a perfect circle.

 

Figure 7. Schematic of the edge angle θsv,i for inclusions.

These two parameters of each digital point on inclusion edges of Mg-Al-O, Al-Ca-O-S, TiN and
MnS shown in Figure 6 were extracted and calculated. The relation between these two parameters is
shown in Figure 8. To avoid the interaction of neighboring points, the data with θsv,i lower than 5◦

were neglected. As shown in the figure, the local residual stress σsv,i increases with the absolute value
of edge angle θsv,i for all four types of inclusions, which indicates that no matter the local shape of the
inclusion is convex or concave, the sharp edge will lead to stress concentration. When the local shape
is convex, the stress concentration is in the steel matrix side; when the local shape is concave, the stress
concentration is in the inclusion side (see Figure 6).

 

Figure 8. Relation between edge angle θsv,i and local residual stress σsv,i for different inclusions.
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In addition, θsv,i, inclusion type also plays a significant role in the effect on local residual stress
variation with θsv,i. For the convex part of inclusion, the local residual stress of MnS inclusion increases
the fastest with θsv,i among these four types of inclusions. When there is a convex angle of 25◦ on the
inclusion surface, the local residual stress will increase about 1.64 times for MnS, 1 time for Al-Ca-O-S,
0.75 times for Mg-Al-O, and 0.53 times for TiN. For concave part of inclusion, the local residual stresses
of Mg-Al-O and TiN inclusions increase the fastest, followed by MnS and Al-Ca-O-S. When there is the
concave angle of 25◦ on the inclusion surface, the local residual stress will increase about 0.48 times
for Al-Ca-O-S, 0.51 times for MnS, 1.32 times for Mg-Al-O, and 1.25 times for TiN. Although the local
residual stress increases the fastest for convex part of MnS inclusion, the concentrated residual stress
on the steel matrix side still does not exceed the other three types of inclusion under the same value of
θsv,i. However, for the concave part of inclusion, large θsv,i on the surface of TiN inclusion will lead to
extremely large stress concentration on the inclusion side. This is also the reason that TiN inclusion
itself often cracks in steel. These cracks inside inclusions can extend into steel matrix during the service
of steel, causing failure of component [4]. Therefore, to obtain better performance it is important to
avoid sharp edges of TiN inclusion.

To clarify the effect of the shape on the maximum residual stress around different types of
inclusions, the maximum residual stresses of perfect spherical inclusions and inclusions with actual
shape are shown in Figure 9. The maximum residual stresses of perfect spherical inclusions of all types
are obviously smaller than the cases considering inclusion shapes. When we assume the inclusion
shape as a perfect sphere for simplicity, there will be a non-negligible error of around 28.0 to 48.0%.

 

Figure 9. Comparison between the maximum residual stress around different types of inclusions
neglecting shapes and considering shapes.

5. Conclusions

The cooling process during heat treatment will lead to residual stress around the interface between
inclusion and steel matrix due to different thermal expansion coefficients and mechanical properties.
In this study, the effect of the inclusion types and shapes on the residual stresses during the cooling
process of the martensitic steels was investigated with a numerical procedure. The following results
were obtained:

(1) This residual stress varies with inclusion type and shape. For perfect spherical inclusion,
the residual stress around the interface between Al-Mg-O inclusion and steel matrix is the largest,
followed by TiN and Al-Ca-O-S inclusion while the residual stress around MnS inclusion is the smallest.

(2) When the inclusion shape is assumed as a perfect sphere for simplicity, there will be
a non-negligible error of the maximum residual stress of around 28.0 to 48.0% compared with the
residual stresses considering the actual shapes.
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(3) The convex local shape of inclusion will lead to stress concentration in the steel matrix side,
and the concave local shape of inclusion will lead to stress concentration in the inclusion side.

(4) The local residual stress of MnS inclusion increases the fastest with the increase of inclusion
edge angle θsv,i for the convex part of inclusion. For the concave part, the local residual stress of TiN
inclusions increases the fastest, which leads to extreme stress concentration inside TiN inclusion and
contributes greatly to material failure.
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Abstract: Effects of isothermal holding time and temperature on the stability of retained austenite
in medium manganese bainitic steels with and without Nb microaddition were investigated.
The amount of retained austenite for various variants of thermomechanical processing was
determined by X-ray diffraction. Relationships between processing conditions and microstructure
were revealed using light microscopy and scanning electron microscopy techniques. The isothermal
holding temperatures changed from 500 to 300 ◦C and the time was from 60 to 1800 s. The optimal
time and temperature of isothermal holding for all the investigated steels were 400 ◦C and 300 s,
respectively. The relationships between the Mn content, amount of retained austenite, and carbon
enrichment of the retained austenite (RA) were observed. The noticeable effect of Nb microaddition
on the amount of retained austenite was not observed. In general, the carbon content in RA was
slightly lower for the steels containing Nb. The optimum gamma phase amount was up to 18% for the
3% Mn steels, whereas it was c.a. 13% for the steels with 5% Mn. It was found that the morphology
of blocky/interlath retained austenite depends substantially on the isothermal holding temperature.

Keywords: medium Mn steel; automotive sheet steel; bainitic steel; physical simulation; retained
austenite; isothermal holding

1. Introduction

Medium-Mn bainitic steels with retained austenite belong to a group of steels dedicated to the
automotive industry due to a great combination of mechanical and technological properties. These
steels can be produced as cold-rolled—when the required microstructure is obtained during heat
treatment after cold rolling—or they can be obtained as thermomechanically rolled [1]. A higher
amount of retained austenite can be achieved for hot-rolled steels; however, the optimal ductility of
steel sheets is not always obtained for the steels containing the highest fraction of γ phase. The critical
factor is the optimal kinetics of strain-induced martensitic transformation related to the mechanical
stability of retained austenite [2].

Medium-Mn sheet steels offer the best combination of strength and ductility at reasonable
cost. They are much cheaper compared to fully austenitic high-Mn steels. The intermediate Mn
content allows to stabilize a fraction of retained austenite between the high-Mn steels (2nd generation
Advanced High-Strength Steels) and the low-Mn automotive multiphase steels (1st generation
Advanced High-Strength Steels). Moreover, the mixture of ultra-fine ferrite and austenite or
carbide-free bainite-austenite enables us to reduce the hardness difference between microstructural
constituents compared to a mixture of ferrite, bainite, and retained austenite [2,3]. It results in better
edge formability, stretch flangeability, and mechanical properties of medium-Mn sheet steels.
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In order to provide the highest number of mechanical properties of steel, it is crucial to select
proper conditions of bainitic transformation, which ensure obtaining the optimal amount and stability
of the retained austenite. The conditions (time and temperature) of isothermal holding in a bainitic
transformation region have a significant effect on the stability of this structural constituent. If the
duration of isothermal holding is too short, the retained austenite is characterized by low stability due
to the small carbon content. This leads to an increase in the temperature, at which point martensitic
transformation begins (Ms temperature). Conversely, if the time of isothermal holding is too long,
carbon is trapped in carbides, which also leads to a negative increase in Ms [3–5].

Incorrect time and temperature of isothermal holding during bainitic transformation result
in obtaining some fraction of martensite, usually as martensite–austenite (MA) constituents.
Sugimoto et al. [6] reported that the temperature of isothermal holding during bainitic transformation
for C–Mn–Si steels strongly affects the amount of retained austenite and carbon concentration in this
phase. They found that the maximum amount of RA was obtained at ~425 ◦C, while the maximum C
content in RA was detected at ~375 ◦C for the steels containing 0.1–0.2 wt. % C. Girault et al. [7] noted
that the carbon content in retained austenite depends on the chemical composition of steel, that is,
silicon and aluminum contents.

Our previous research [8] regarding the effect of bainitic transformation temperature on the
thermodynamic stability of retained austenite was carried out using a medium-C bainitic steel
containing 1.5% Mn. Currently, there is a large amount of interest in bainitic steels with manganese
content from 3 to 12%. The increased Mn amount enables to obtain a high fraction of retained austenite
(~10–30%) [9,10]. In order to improve the mechanical properties of steels with a TRIP (TRansformation
Induced Plasticity) effect, microadditions of Nb and Ti can be also added [11]. The influence of
bainitic transformation conditions on the microstructure consisting of ferrite, bainite, and retained
austenite have been analyzed by many authors [12–14]. Garcia-Mateo et al. [15,16] analyzed the factors
affecting the stability of retained austenite in nanostructured bainitic steels. There are only few reports
addressing the temperature and time aspects of bainitic transformation in medium-Mn steels with
retained austenite. Therefore, the aim of the present study is to determine the effects of isothermal
holding time and temperature on the thermodynamic stability of retained austenite in medium-Mn
bainitic steels. Additionally, the effect of Nb microaddition on the microstructure of the investigated
steels was analyzed.

2. Materials and Methods

The investigations were carried out on four medium-Mn steels characterized by manganese
content c.a. 3% and 5%. The increased Mn content was added to stabilize the retained austenite.
A silicon addition was partially replaced by aluminum to improve the susceptibility of sheet steel
to hot dip galvanizing and to prevent carbide precipitation. Al also accelerates bainite nucleation,
which is advantageous due to the possibility of the short duration of isothermal holding at the bainitic
area [17]. Table 1 shows the chemical composition of the investigated steels. They are characterized
by high metallurgical purity and low contents of S and P. Nb microaddition was intended to increase
the strength through grain refinement and precipitation strengthening [18]. Mo was added for solid
solution strengthening. A relatively low carbon content (max. 0.17%) should not deteriorate the
weldability of the steels [19,20] and ensures the optimal enrichment of the austenite by this element
during isothermal bainite transformation. Lun et al. [21] showed that the 0.15C–10Mn–1.5Al steel is
weldable despite the medium Mn content.
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Table 1. Chemical composition of investigated steels in wt. %.

Steel Type C% Mn% Al% Si% Mo% Nb% S% P% N%

3Mn 0.17 3.3 1.7 0.22 0.23 - 0.014 0.010 0.0043
3MnNb 0.17 3.1 1.6 0.22 0.22 0.04 0.005 0.008 0.0046

5Mn 0.16 4.7 1.6 0.20 0.20 - 0.004 0.008 0.0039
5MnNb 0.17 5.0 1.5 0.21 0.20 0.03 0.005 0.008 0.0054

The investigated steel was melted in a Balzers VSG-50 vacuum induction furnace under Ar
atmosphere. After melting and casting, the ingots were hot forged between 1200 to 900 ◦C.
The specimens 15 × 20 × 35 mm for the thermomechanical processing using the Gleeble 3800
simulator were prepared. Detailed information on deformation conditions performed in 7 steps
(T1–T7) in a temperature range 1200–850 ◦C (Figure 1) was listed in work [8]. The 5Mn and 5MnNb
steels were continuously cooled to the bainitic transformation temperature TB and isothermally treated
in temperatures: 350, 400, 450, 475, and 500 ◦C. The duration of isothermal holding was: 300 s, and for
450 ◦C it was also 60, 600, and 1800 s, respectively. The aim was to determine the effect of isothermal
holding time on the thermodynamic stability of retained austenite. 3Mn and 3MnNb steels after
deformation were cooled according to the parameters given in Table 2. The duration and temperatures
of isothermal holding at the bainitic region were the same as for 5Mn and 5MnNb steels (Figure 1).

 

→
→
→

→

Figure 1. Thermomechanical processing conditions of investigated steels (for specimens isothermally
held at 400 ◦C).

Table 2. Parameters of cooling after deformation for 3Mn and 3MnNb steels.

Operation Number Temperature Range, ◦C Cooling Rate, ◦C/s Duration of Isothermal Holding, s

1 850→700 30 -
2 700→650 5 -
3 650→TB 40 -

4

350
400
450
475
500

-

300
300

60, 300, 600, 1800
300
300

5 TB→RT 0.5 -

The X-ray investigations were done using the X’ Pert PRO diffractometer with cobalt radiation
and a graphite monochromator on a diffracted beam. The phase identification was carried out
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according to the data from International Centre for Diffraction Data ICDD. X-ray data obtained
from the measurements served in the quantitative determination of the volume fraction of retained
austenite. For this purpose, the Averbach–Cohen method recommended by The Society of Automotive
Engineers for X-Ray diffraction measurements was used [22,23]. This method enables to determine a
retained austenite amount using integrated intensities (area under a peak above a background) of X-ray
diffraction peaks [24]. Using this method enables us to analyze the individual peaks, which allows to
take into account the texture effects, at the same time minimizing background noise. This method is
often applied to determine the retained austenite in TRIP-assisted steels [7,12–14]. Another method
applied for TRIP steels is the Rietveld method [25]. In this method, a theoretical line profile is
calculated from a structure model that is refined using a least-squares approach until it matches the
discrete data from neutron or X-ray diffraction patterns [26]. The Rietveld analysis is widely used in
powder phase quantitative analysis [27]. Another technique used for retained austenite detection is
neutron diffraction. This method is a useful method due to the high penetration ability of a neutron
beam [28–30]. The positions of maxima of the diffractions lines of austenite were used to determine
the lattice constant of retained austenite. This parameter is necessary to calculate the concentration of
carbon in the retained austenite. The dependence often applied for TRIP-type steels was used [31]:

aγ = 3.578 + 0.033Cγ, (1)

where: aγ—lattice parameter of the austenite (Å), Cγ—carbon content in the austenite (wt. %).
To characterize the microstructure of the thermomechanically processed specimens, optical and

SEM observation were performed. The analysis was carried out using a Leica MEF 4A optical
microscope. The microstructural details were revealed with a scanning electron microscope Zeiss
SUPRA 25 operating at 20 kV. The specimens were prepared in the plane, consistent with the direction
of plastic flow. A first step of sample preparation included mechanical grinding with SiC paper up
to 1500 grid. Then, they were polished with a diamond paste and etched using 5% nital to reveal the
microstructure. For the purpose of the best identification of retained austenite, etching in 10% water
solution of sodium metabisulfite was also applied. The hardness of steel samples was measured using
the Vickers method (HV 10) to follow microstructure changes.

3. Results and Discussion

3.1. X-ray Results

X-ray diffraction analysis was carried out to identify the phases and to determine a retained
austenite amount and its carbon content. It was necessary to assess the stability of retained austenite.
Figure 2 shows selected X-ray diffraction patterns of the examined steels. The phase identification
revealed the presence of diffraction lines from α phase and retained austenite. The detailed information
on the fraction of retained austenite and carbon content in this phase are listed in Table 3. The obtained
results are also presented in Figures 3–5 as a function of temperature and time.

78



Appl. Sci. 2018, 8, 2156

Table 3. Fraction of retained austenite and carbon content in this phase for different variants of thermomechanical processing.

Steel Type
Thermomechanical

Treatment Conditions

Fraction of
Retained

Austenite, %

Carbon Content
In Retained

Austenite, wt. %
Steel Type

Thermomechanical
Treatment Conditions

Fraction of
Retained

Austenite, %

Carbon Content
in Retained

Austenite, wt. %

3Mn

850-700-10s-650-450-60s 10.4 1.26

3MnNb

850-700-10s-650-450-60s 11.5 1.18
850-700-10s-650-450-300s 13.3 1.23 850-700-10s-650-450-300s 15.9 1.21
850-700-10s-650-450-600s 13.2 1.09 850-700-10s-650-450-600s 12.4 1.08
850-700-10s-650-450-1800s 4.7 1.03 850-700-10s-650-450-1800s 7.8 0.91
850-700-10s-650-350-300s 9.4 1.34 850-700-10s-650-350-300s 9.3 1.39
850-700-10s-650-400-300s 16.8 1.35 850-700-10s-650-400-300s 17.7 1.26
850-700-10s-650-500-300s 11.1 1.14 850-700-10s-650-500-300s 9.8 1.07

5Mn

850-450-60s 7.8 1.08

5MnNb

850-450-60s 7.1 0.99
850-450-300s 10.9 1.19 850-450-300s 11.0 1.17
850-450-600s 8.1 1.14 850-450-600s 8.0 1.12

850-450-1800s 7.0 1.09 850-450-1800s 6.8 1.07
850-400-300s 9.8 1.27 850-400-300s 13.4 1.32
850-350-300s 9.5 1.28 850-350-300s 12.2 1.24
850-500-300s 8.2 1.06 850-500-300s 9.5 0.99
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γ

Figure 2. (a) X-ray diffraction pattern of 3Mn type steel isothermally held at 350 ◦C for 300 s; (b) X-ray
diffraction pattern of 3Mn type steel isothermally held at 400 ◦C for 300 s; (c) X-ray diffraction pattern
of 3MnNb type steel isothermally held at 400 ◦C for 300 s; (d) X-ray diffraction pattern of 5MnNb type
steel isothermally held at 400 ◦C for 300 s.

In the case of 3Mn-type steel, the highest fraction of retained austenite was obtained during
isothermal holding at 400 ◦C (16.8%). 3MnNb steel possessed a slightly higher fraction of γ

phase—17.7%. Similar results were reported by Sugimoto et al. [32] in 0.2C–1.5Mn–1.5Si type steels
with and without Nb microaddition. Lowering the bainitic transformation temperature to 350 ◦C
caused a decrease in the amount of retained austenite to c.a. 10% for both steels containing 3%
Mn (Table 3). This was due to the decrease in the diffusion rate while the temperature dropped.
The amount of retained austenite slightly decreased when the temperature of bainitic transformation
increased to 450 ◦C. Further increasing the temperature to 500 ◦C caused a significant decrease in the
amount of retained austenite (Figure 3a).

A similar tendency was observed in 0.1C–1.5Mn–1.5Si and 0.2C–1.5Mn–1.5Si steels with lower
Mn content [6]. The maximum amount of retained austenite was obtained at 425 ◦C. However, it was
lower (~7%) than the values obtained in the present study. A small number of points did not allow to
interpolate the data. However, from the physical point of view, it seems that the points should form
a parabolic tendency with a peak value at a particular temperature. Such a behavior was observed
by Wang et al. [12] in 0.2C–1.5Mn–0.7Si–1Al–0.5Cu steel. In their steel, peak temperature was 440 ◦C.
This was related to the initiation of the carbide precipitation and the resulting transformation to
martensite of some austenite fraction with the smallest carbon content. In our case, the drop in the
amount of retained austenite is earlier, that is, above 400 ◦C. This is due to the chemistry of the steels.
The increased manganese content seems to play a major role in this behavior.
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γ

γ

Figure 3. (a) Influence of temperature on the amount of retained austenite for steels isothermally held
for 300 s; (b) Influence of isothermal holding time on the amount of retained austenite for steels treated
at 450 ◦C.

Steels containing 5% Mn are less vulnerable to temperature changes. The amount of retained
austenite in these steels is almost constant at the bainitic transformation temperature range from 350 to
450 ◦C (Figure 3a). The amount of retained austenite (RA) in this case was from 9 to 12% (Table 3) and
it was higher for the steel with the Nb microaddition. The effect of isothermal holding time at 450 ◦C
on the amount of retained austenite is shown in Figure 3b. 5Mn and 5MnNb steels showed fewer
changes in the amount of γ phase due to variable duration of bainitic transformation. The optimal time
of isothermal holding for all the steels seems to be 300 s. The highest fraction of retained austenite was
detected for 3MnNb steel (Table 3)—17.7%. It was found that the γ phase was not enriched in enough
carbon during isothermal holding at 450 ◦C for 60 s (Table 3). Therefore, the thermodynamic stability
of the austenite in the steel containing Nb addition seems to be slightly lower. This is especially true for
the steels with the higher Mn content. The stability of retained austenite is higher in the case of 3MnNb
steel in comparison to 5MnNb steel, due to the higher carbon content. In general, the Nb-containing
steels show slightly smaller carbon contents (compare the values in Table 3). However, there are
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also some disturbances in this tendency. For example, the 3MnNb steel sample treated at 350 ◦C and
5MnNb steel sample treated at 400 ◦C show a little bit higher carbon content in the RA compared to
the reference steels without Nb. This indicates the complex interactions of the chemistry in TRIP steels
containing microadditions [12,17] and it will be analyzed in future investigations. Increasing the time
of bainitic transformation up to 1800 s caused a drop in the amount of RA (Figure 3b).

 

Figure 4. (a) Influence of isothermal holding temperature on the carbon content in retained austenite
for the steels treated for 300 s; (b) Influence of the isothermal holding time at 450 ◦C on the carbon
content in retained austenite.

In some cases, X-ray diffraction cannot provide the correct retained austenite content values
because strain-induced martensitic transformation takes place easily near the specimen surface. In such
cases, the metastable retained austenite fraction should be determined using neutron diffraction.
This can be found in works [28–30].

The amount of retained austenite is closely related to the carbon content in this phase (Figure 4a).
The obtained results showed that increasing the temperature of isothermal bainitic transformation
leads to lowering the carbon content in retained austenite (Figure 4a). This tendency is similar for all
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the tested steels. However, the highest carbon content in retained austenite was detected for the 3Mn
and 3MnNb steels. The lowest C content was obtained for the 5MnNb steel. For the steel containing
5% Mn, isothermal holding for 60 s is too short to enrich the austenitic phase in carbon (Figure 4b).
The optimal duration of isothermal bainitic transformation for these steels is 300 s, similar to the steels,
which contain 3% Mn.

 

Figure 5. (a) Influence of isothermal holding temperature on the product of the retained austenite
amount and its carbon content for the steels treated for 300 s; (b) Influence of isothermal holding time
at 450 ◦C on the product of the retained austenite amount and its carbon content.

In fact, there is a lack of literature data concerning the effects of isothermal holding time on the
fraction of retained austenite in medium-Mn steels and its carbon content. The data available in the
literature concern mostly the 1st generation AHSS, with a Mn content below ~2%. Girault et al. [7]
reported that for 0.1C–1.5Mn–1.5 Al steel isothermally held at 375 ◦C, the maximum carbon content
in retained austenite was obtained after 1000 s. According to Wang et al. [12], the maximum carbon
content in the 0.2C–1.5Mn–0.7Si–1Al–0.5Cu steel was measured at a level of 0.91% at 440 ◦C.
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Fu et al. [33] compared the microstructure of Fe–0.2C–1.49Mn–0.98Al–0.5Si steel after bainitic
transformation at 400 ◦C and 450 ◦C. They found that the stability of retained austenite is lower for
the higher bainitic transformation temperature (450 ◦C) due to a lower carbon enrichment of the γ

phase. A similar effect was observed in our study—increasing the temperature of the isothermal
bainitic transformation above 400 ◦C leads to lowering the carbon content in the retained austenite.
Due to the lower stability of RA, martensitic transformation occurred for relatively lower strain levels,
which results in lower elongation [34].

Based on the data listed in Figures 3 and 4, it can be concluded that the maximum carbon content
in RA was not detected at 400 ◦C, when the amount of the γ phase was the highest. The maximum
carbon content in RA was detected in 350 ◦C; however, a fraction of this phase was not the highest.
Hence, it seems that the optimal parameter which characterizes the thermodynamic stability of retained
austenite is not the volume fraction or carbon content in the austenite, but the fγ0 × Cγ product. It is
interesting that the values of the fγ0 × Cγ product were higher for the steels containing 3% Mn
and the optimal time and temperature of isothermal holding were 400 ◦C (Figure 5a) and 300 s
(Figure 5b), respectively. The values of the fγ0 × Cγ product are similar for the steels with or without
Nb microaddition.

3.2. Hardness Changes

The mechanical properties of the steels were assessed by hardness tests, which are sensitive to
any possible phase transformation of the austenite upon cooling. On the one hand, this allows to
indicate when the austenite is thermodynamically stable and remains at room temperature. On the
other hand, one can easily assess when partial martensitic transformation upon cooling takes place
and martensitic–austenitic (M–A) constituents are formed. Hence, the microstructure changes are
reflected in sensitive hardness measurements.

The hardness of the steel samples was measured using the Vickers method. The obtained results
are presented in Figure 6 as a function of time and temperature. The data presented in Figure 6a show
that the lowest hardness values were obtained for specimens isothermally held within 300 s, both for
3Mn and 5Mn type steels. However, it is worth to note that higher hardness values were detected
for the steels containing 5% Mn, especially for the steels containing the Nb microaddition. This can
suggest the higher degree of the transformation into martensite. Figure 6b shows the effect of the
temperature of isothermal holding during bainitic transformation on the hardness changes. In the case
of 3Mn, 3MnNb, and 5Mn type steels, the lowest hardness was obtained at 450 ◦C, whereas for the
5MnNb steel at 400 ◦C. Higher hardness values were detected for the steels with 5% Mn.

Generally, the steels containing the Nb microaddition were characterized by higher hardness than
the specimens without this element. However, the effect of Nb is not clear, probably due to its presence
in the solid solution [11], as the manganese content increases the solubility of Nb in the austenite raises.
It seems that the prior austenite grain size is similar for all the steels investigated. Hence, niobium is
dissolved and its effect is at least partially masked (not so clear).

The increase in hardness is directly related to the higher amount of martensite or M–A constituents.
Generally, the steels containing 3% Mn showed lower hardness than the 5% Mn steels. This is due
to the higher fraction of retained austenite observed in the 3Mn and 3MnNb steels. Increasing the
temperature to 500 ◦C caused a significant increase in martensite fraction, which was reflected in the
higher hardness values in Figure 6b. The same effect is observed when the time of the isothermal
holding is too short, that is, 60 s (Figure 6a).

In our previous study, Grajcar et al. [5] analyzed the mechanical stability of the retained austenite
in the investigated steels using larger samples based on the work hardening behavior and elongation
changes. The yield stress of 3Mn steels was near 700 MPa and above 200 MPa higher for the steels
containing 5% Mn. These properties are slightly higher for Nb-containing steels. The total elongation
was about 14–15% for the steels containing 3% Mn, whereas the 5Mn type steels showed lower
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elongation values. The tensile test data are in good agreement with the hardness changes presented in
the current paper. For further mechanical stability data, the reader is referred to the text in Reference [5].

 

ε

Figure 6. (a) Influence of isothermal holding time at 450 ◦C on the hardness; (b) Influence of isothermal
holding temperature for 300 s on the hardness.

3.3. Microstructure Changes

Microstructures of samples for different temperatures of isothermal holding during bainitic
transformation are shown in Figures 7–9. The obtained microstructures are fine-grained due to
finishing the plastic deformation below the recrystallization temperature of austenite (850 ◦C) [5].
The microstructures were also affected by a high deformation level (ε = 1.7). The microstructures of
3Mn type steels were composed of fine-grained bainitic-martensitic plates. The highest fraction of
retained austenite was observed in 3Mn and 3MnNb steels after isothermal holding at 400 ◦C and
450 ◦C (Figure 7c–f). This was earlier confirmed by the X-ray diffraction method. The most optimal
duration of isothermal holding in the bainitic region seems to be 300 s. The clear influence of Nb
microaddition on the microstructure and the amount of retained austenite was not detected. It seems
that the Nb microaddition remained dissolved in solid solution due to the relatively high manganese
content [5]. Thus, its effect can be smaller than that expected for NbC precipitates [17]. Based on the
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obtained diffraction patterns, it was found that the amount of retained austenite in steels with the Nb
microaddition was lower by c.a. 2% (Table 3).

 

Figure 7. Multiphase microstructures of 3Mn and 3MnNb steels isothermally held at: (a,b) 350 ◦C,
(c,d) 400 ◦C, (e,f) 450 ◦C, (g,h) 500 ◦C, for 300 s (LM).
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Figure 8. Multiphase microstructure of 3Mn and 3MnNb steels isothermally held at: (a,b) 350 ◦C,
(c,d) 400 ◦C, (e,f) 450 ◦C, (g,h) 500 ◦C, for 300 s (SEM).

87



Appl. Sci. 2018, 8, 2156

 

Figure 9. Bainitic–martensitic microstructure of 5Mn steel isothermally held at: (a,b) 350 ◦C,
(c,d) 400 ◦C, (e,f) 450 ◦C, (g,h) 500 ◦C.

The more detailed information on the microstructure was revealed using the scanning electron
microscope (SEM). Figure 8 shows the microstructures obtained for the specimens isothermally held
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between 350 and 500 ◦C. At 350 ◦C, the bainitic–martensitic laths were clearly observed and the retained
austenite formed thin layers between the bainitic ferrite laths (Figure 8a,b). Increasing the bainitic
transformation temperature up to 400 ◦C caused changes in the morphology of retained austenite.
The fine-grained blocky retained austenite was observed at the boundary of bainitic–martensitic blocks
(Figure 8c,d). Larger grains were subjected to partial martensitic transformation during cooling. As a
consequence, they formed martensitic–austenitic regions (M–A). The confirmation of the phases using
the EBSD (Electron Back-Scattered Diffraction) method can be found in our previous paper [5].

This indicates that the carbon content in the γ phase varies and depends on its size and
morphology. In addition to the blocky-type grains of retained austenite, that phase also occurs
in the form of continuous or intermittent layers characterized by various thicknesses, located inside the
bainitic areas. This kind of microstructure is composed of degenerate upper bainite, where austenite
occurs instead cementite along bainite laths [35]. While the bainitic transformation temperature
was increased to 450 ◦C, the decomposition of the austenite into martensite began (Figure 8e,f).
Under these conditions, only thin layers of retained austenite were thermodynamically stable.
Bainitic–martensitic–austenitic (B–M–A) and martensitic–austenitic (M–A) areas occurred. Increasing
the temperature to 500 ◦C resulted in the almost complete disappearance of the γ phase (Figure 8g,h).

For the steels containing a higher Mn content (~5%), mostly for the specimens isothermally held
at 350 and 400 ◦C, the retained austenite occurred as layers characterized by various thicknesses
(Figure 9a–d). Inside the bainitic laths, the martensitic–austenitic (M–A) particles and cementite were
located. This is a typical morphology of degenerate lower bainite [35]. While the temperature of
isothermal holding increased to 450–500 ◦C, retained austenite layers became thicker and the amount
of blocky-type grains located mostly between martensitic–bainitic packets increased (Figure 9e–h).
The blocky-type grains are characterized by lower thermodynamic stability, due to a smaller carbon
content compared to the interlath retained austenite [6,13]. That is why they transformed partially
or completely into the martensite during final cooling to the room temperature. This was confirmed
by the previous indications of a carbon content in the austenitic phase (Table 3) and corresponding
hardness changes (Figure 6). It means that the stability of the austenite is determined by the size
and morphology of these areas. Due to the increased hardenability, 5Mn and 5MnNb steels are more
susceptible to martensitic transformation. Therefore, the amount of stable retained austenite is lower
than that in the steels containing 3% Mn.

4. Conclusions

The effects of temperature and time of isothermal holding in the bainitic range on the retained
austenite stability were investigated in four medium-Mn steels with and without Nb microaddition.
The following conclusions are drawn:

• The optimal time and temperature of isothermal holding for all the steels were 400 ◦C and 300 s,
respectively. Under these conditions, 16–18% of γ phase was obtained for the 3Mn type steels,
whereas 10–13% of retained austenite was detected in 5Mn type steels. The amount of retained
austenite was similar for the steels with and without Nb microaddition;

• as the concentration of Mn increases, the amount of retained austenite decreases due to the smaller
C enrichment of this phase. For 3Mn type steels, the carbon content in retained austenite was
0.9–1.4%, and it was up to 1.3% for 5Mn type steels. The carbon content in retained austenite was
slightly lower in the steels with Nb microaddition;

• at 350 ◦C, the highest C enrichment of the retained austenite was obtained. Increasing the bainitic
transformation temperature to 450 ◦C and extending the time over 300 s initiated the austenite
decomposition and reduced the C content in this phase;

• in steels containing 3% Mn, isothermally held at 400 ◦C, mostly blocky-type retained austenite
occurred, whereas at 350 ◦C the RA was located as layers between bainitic ferrite laths. As the
temperature rose, the thickness of the γ phase layers increased and the blocky grains partially
underwent martensitic transformation, forming M–A islands.
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Abstract: A flat cover of an adjustable ballast tank made of high-strength maraging steel used in
deep-sea submersibles collapsed during the loading process of external pressure in the high-pressure
chamber. The pressure was high, which was the trigger of the collapse, but still considerably
below the design limit of the adjustable ballast tank. The failure may have been caused by material
properties that may be defective, the possible stress concentration resulting from design/processing,
or inappropriate installation method. The present paper focuses on the visual inspections of the
material inhomogeneity, ultimate cause of the collapse of the flat cover in pressure testing, and finite
element analysis. Special attention is paid to the toughness characteristics of the material. The present
study demonstrates the importance of material selection for engineering components based on the
comprehensive properties of the materials.

Keywords: flat cover; adjustable ballast tank; fracture; high-strength maraging steel; toughness

1. Introduction

Deep-sea manned/unmanned submersibles are the necessary high-tech equipment for ocean
exploration. It is used to carry crews or equipment to various deep-sea complex environments for
efficient exploration, scientific investigation and resource exploitation [1,2]. Deep-sea submersibles
contain multiple complex systems. Buoyancy regulation system is one of the important subsystems
of the submersible. The adjustable ballast tank is one of the key components, which can ensure
that the submersible has a good ability of depth setting and weight fine-tuning [3–5]. Through the
high-pressure seawater pump, seawater is pumped in and out of the ballast tank, and the buoyancy
balance of the submersible in seawater is adjusted within a certain range.

Reducing the weight for better performances such as range, speed, and payload is a significant
consideration for the designers of the submersibles, as the weight-to-displacement ratio is used to
evaluate the structural efficiency of underwater vehicles [1,2]. The weight of the submersible is
distributed among the main components. At present, a spherical adjustable ballast tank with its
promising application to a sea depth of 11,000 m and a volume of 300 L is designed, where domestic
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ultra-high strength maraging steel 18Ni(350) was used for first time for this purpose, as shown in
Figure 1. The adjustable ballast tank is composed of upper and lower hemispheres, which are connected
by a Huff clamp. An O-ring seals the hemispheres at the end. Fine-tuning makes the weight of the
submersible maintain positive buoyancy or produce enough negative buoyancy for safely sitting at
bottom. A flat cover is beneficial for installation of different cabin piercing parts. Sealing is carried out
through a radial O-ring and is evenly locked with the sphere by screws. The selection of maraging
steel for the current ballast tank is exactly based on the principle of strength enhancement for lower
weight. This is also the first time that this material has been used in deep-sea pressure vessels. Some of
the candidate materials for underwater pressure hulls, such as titanium and high strength steel,
and their main properties can be found in literature [6–9]. The candidate material for pressure hulls
using 18Ni grade maraging steels has been preliminarily investigated in terms of their application
history, performance, and manufacturing capability by the authors [9]. The damage tolerance related
performances of 18Ni grade maraging steels, including yield ratio (σy/σb) and fracture toughness,
have been evaluated. There are basically four wrought commercial maraging steels of the 18 percent
nickel family i.e., 18Ni (200), 18Ni (250), 18Ni (300), and 18Ni (350) with yield strength ranging from
1400 MPa to 2400 MPa [10]. In the development of ‘MIR’ submersibles in the 1980s [11], new techniques
to produce high strength, high nickel-content steel 18Ni(250) for pressure hulls are applied for its
two pressure spheres. Up to now, other grades of 18Ni series of maraging steels have no application
experience in deep-sea pressure hulls.

–
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–
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Figure 1. Sketch of the adjustable ballast tank and its sealing cover: (a) front view of the adjustable
ballast tank; (b) description of the sealing cover.

The increase in strength is very powerful in reducing the weight of pressure hulls, but the only
concern is that increased strength generally leads to a decrease in toughness [12,13] while it is generally
not considered in the design of deep-sea compressive components. Plane strain fracture toughness
is an important factor to represent the crack resistance property of the material. Wherein, 18Ni(250)
with yield strength of 1700 MPa has the plane-strain fracture toughness level of 85–110 MPa·m1/2,
but the value of 18Ni(350) with yield strength of 2400 MPa rapidly reduces to 30–50 MPa·m1/2 [9,12,13].
Improving the toughness and plasticity of maraging steel can be done in various ways, such as reducing
harmful elements or gas content in steel by a double vacuum smelting process, controlling inclusions
morphology, adjusting microstructure by special processing, and heat treatment processes [14]. Results
have shown that when the harmful elements in 18Ni(350) maraging steel are reduced to 10−5 magnitude
at the same time, the number and volume of inclusions are greatly reduced, which is an important
reason for the remarkable improvement of fracture toughness of ultra-pure 18Ni(350) maraging
steel. The influence of the toughness on the resistance to cracking for deep-sea components needs to
be examined.

The hydraulic pressure test on the adjustable ballast tank with its sealing flat cover was carried
out to examine its performance. The ultimate goal of pressure test was to check whether it can
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endure the external pressure of 126.5 MPa (i.e., 115 MPa for 11,000 m deep-sea environments times
a safety factor of 1.1 for pressure testing. Note, the actual pressure value for the 11,000 m deep-sea
environment is 113.8 MPa and this value has been used in the design calculation, but here for the test,
a more conservative value of 115 MPa is used). There are sensor mounting holes and high pressure
pipe mounting holes on the sealing cover. However, the flat cover collapsed during the loading
process of external pressure in the high-pressure chamber. The pressure was high, which was the
trigger of the collapse, but still considerably below the design limit of the hull. The failure can be
caused by unexpected defective material properties, the possible stress concentration resulting from
design/processing, or inappropriate installation method. In this paper, the mechanical properties
of the actual materials used in the collapsed flat cover are re-examined by sampling and testing of
the broken parts. Non-metallic inclusions analysis, micro-structure analysis, and fracture surface
analysis are conducted to acquire the possible fracture cause. Furthermore, finite element analysis
based on fracture mechanics is conducted to understand the ultimate cause of destruction. The analysis
results demonstrate the importance of material selection for engineering components based on the
comprehensive properties of the materials.

2. Description of the Material and Structure

2.1. Chemical Composition and Material Properties

The preparation process of the material consists of vacuum induction furnace smelting and
vacuum consumable furnace remelting. Solution heat treatment was conducted at 820 ◦C and kept for
1 h; aging treatment was conducted at 510 ◦C and kept for 4 h.

Chemical composition and mechanical properties of 18Ni (350) material are tested after sequential
steps of melting, melt treatment practice, forging process, heat treatments, machining operations,
and inspection, which is the same way as the cabin shell material was treated. Their chemical
compositions and mechanical properties are given in Tables 1 and 2 and the stress–strain curve is
depicted in Figure 2. This material has high tensile strength, the yield strength of which can reach about
2258 MPa and there is no obvious yield platform. However, its elongation is only 5.4%. The current
design code for the spherical hull used in deep-sea submersibles and the design guideline for its flat
cover have not specified the requirements for elongation of the material. The designers of the current
spherical adjustable tank select 18Ni (350) instead of traditional material considering its high strength
to reduce the weight of the tank, which will benefit the capability of the whole submersible.

Table 1. Chemical composition of 18Ni(350), (wt.%).

Ni Co Mo Ti Al C Si Mn P S

18.80 11.72 4.41 1.32 0.125 0.006 0.02 0.01 0.004 0.002

Table 2. Mechanical properties of 18Ni(350).

σy, (MPa) σb, (MPa) A, (%) Z, (%) E, (MPa) υ KV at 20 ◦C, (J)

2258 2324 5.4 31.0 188 0.3 13.5

where σy: Yield strength; σb: Ultimate tensile strength; E: Young’s modulus; υ: Poisson’s ratio; A (%): Total elongation;
Z (%): Area reduction.
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Figure 2. Stress–strain curve of 18Ni(350) (solution heat treatment: 820 ◦C for 1 h; aging treatment:
510 ◦C for 4 h).

2.2. Design and Geometry of the Flat Cover

The opening of the ballast tank is sealed by flange connection through the flat cover. The calculation
of the thickness of the flat cover is carried out according to the requirements of the circular flat cover
specified in the guidelines of steel pressure vessels [15].

δp = Dc

√

k Pc

[σ] t
φ

, (1)

where Dc = 176 mm is the calculated diameter of the flat cover; k = 0.25 is the structural characteristic
coefficient; Pc is the calculated pressure, which can be 1.4 times the designed working pressure, i.e.,
1.4 × 113 = 158.2 MPa; [σ]t = σy/1.5. In order to make the strength safety factor larger, the yield stress
applied by the designer presently is reduced to a lower level, 1900 MPa, then [σ]t = 1266.7 MPa; φ = 1.0
is the welding coefficient. This value of δp = 31 mm is obtained in calculation but was 32 mm in
practice, including the thickness of 12 mm in the part of Φ190 mm and the thickness of 20 mm in the
part of Φ150 mm, as shown in Figure 3. Necessary verification has been conducted by designers to
check the strength and stiffness of the structure and it is considered to meet the requirements.

σ σ : Young’s modulus; υ: Poisson’s ratio; 

–

  
 =

σ σ
σ ϕ

δ
practice, including the thickness of 12 mm in the part of Φ190 

Φ1

 
Figure 3. Dimension of the flat cover (unit: mm).

2.3. Failure of the Flat Cover During Testing

The spherical adjustable tank with its sealing cover was put into a high pressure chamber to
examine its strength by pressure test before application. The pressure test was conducted in the high
pressure chamber of the HAST laboratory at Shanghai Ocean University. There was no real-time video
monitoring equipment in the pressure chamber and the test was carried out in several steps of cyclic
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pressure in order to stop and examine it periodically. The scheduled loading scheme is shown in
Figure 4. A shorter load cycle was done before formal test. The maximum pressure set for this cycle
was 75 MPa. The ultimate goal of the pressure test was to check if the tank could endure the external
pressure of 126.5 MPa (i.e., 115 MPa for the 11,000 m deep-sea environment times a safety factor of
1.1 for pressure testing). After test preparation, the tank with strain gauges pasted outside the shell
in three typical positions was sent to the pressure chamber, then the first cycle for watertight and
insulation tests combining with strain and stress measurements was conducted. The loading phase
was carried out gradually with the step of pressure increase of 5 MPa and maintained for 3 min in the
loading and unloading stage. It was presumed that when the first cycle was finished, the tank should
be taken out from the pressure chamber for a further inspection. If there was no problem, the tank was
sent to the chamber for a final test.

P

Time

5MPa

3min

Cycle 1:strain&stress 

measure

Cycle 2:126.5MPa

Figure 4. Loading scheme of pressure test.

However, when the tank was taken from the chamber after the first load cycle, it was found that
the flat cover is cracked as shown in Figure 5. Local fracture occurred at the top part of the flat cover.
The upper surface and fracture surface of the flat cover are respectively shown in Figure 5a,b. Based on
the macroscopic observation, it was found that the flat cover bore large stress from outside to inside,
and stress concentration occurred at the right-angle transition root. The crack morphology presented
intergranular cracking, which was a brittle fracture.

Fracture occurred before the maximum pressure reached 75 MPa; however, it is difficult to assess
at what pressure level the failure starts. The strain–load curves in Figure 6 show some abnormal
phenomenon. Position 1 is at the opening reinforcement part of the spherical hull; position 2 is above
the equatorial flange of the spherical hull; position 3 is at the bottom of the spherical hull. At a pressure
of 40 MPa, there is a relatively obvious change of strain rate in the curves for three recording positions.
This indicates that under this loading condition, the whole stress state of the spherical shell changes.
At this point, the obvious stress concentration may appear on the flat cover. Because the external load
is distributed both on the outer surface of the spherical shell and the flat cover, the change of stress
state of the flat cover will cause stress concentration on the shell. From the fracture surface position,
the stress concentration may come from the existence of crack-like defects, such as inadequate chamfer
and scratches when the sharp part was processed. Therefore, in the next section, defects and fracture
analysis will be carried out by means of microscopic observation and finite element calculation.
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40 mm

(a) 

47.5 mm
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–

Figure 5. Photography of the cracked flat cover: (a) upper surface of the cover; (b) fracture surface in
the outer edge of the cover.
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Figure 6. Recorded strains in the three positions outside the shell with variations of pressure.

3. Fracture Examination of the Flat Cover

Before the tank was manufactured, the material from the same furnace was tested to verify its
conformance to the specified material standard and also the requirements of the designer. However,
the same furnace material also had sampling uncertainty. Then in this section the tensile properties
of the actual materials used in the flat cover were re-examined by sampling from the broken parts.
The non-metal inclusions analysis, micro-structure analysis, and fracture surface analysis were
conducted to find out the possible cracking cause.

3.1. Re-Examination of Tensile Properties

The static tensile test of a standard specimen with a diameter of 5 mm and gauge length of
30 mm [16] was carried out on SANS HST5106 hydraulic universal testing machine. Table 3 shows
the results of the tests. It was found that the material has a higher tensile strength, yield strength,
elongation, and reduction of area compared to the material presented in Table 2.

3.2. Re-Examination of Impact Properties

Standard Charpy V-notched impact specimens with length of 55 mm and square cross-sections of
10 mm × 10 mm [17] were used to determine impact toughness at room temperature on the PIT-752H
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test machine. Table 4 presents the room temperature impact test results of the flat cover material.
The fluctuation between the test values is small, and the average impact energy is 14 J. However,
the material has low impact toughness. The minimum value of impact toughness of 18Ni(350) is 12 J
while the impact toughness of 18Ni(250) is about 24 J, which may be one of the reasons for the cracking
of the flat cover during the test.

Table 3. Re-examination results of tensile properties of flat cover material at room temperature.

Specimen σy (MPa) σb (MPa) A (%) Z (%) E (MPa) υ

L1 2341 2421 6.4 47 186 0.300
L2 2355 2423 6.6 42 188 0.310

Average 2348 2423 6.5 45 187 0.305

Table 4. Re-examination results of impact toughness of flat cover material at room temperature.

Test Point 1 2 3 Average

KV, J 12 16 14 14

3.3. Re-Examination of Hardness

Rockwell and Brinell Hardness (HRC) hardness test was carried out with Rockwell hardness
tester. The load was 150 KGF with holding time of 10 s. The average hardness of the flat cover material
was about 54 HRC.

3.4. Non-Metallic Inclusions Observation

Non-metallic inclusions in flat cover samples were inspected [18]. The results of non-metallic
inclusions rating and the inclusion morphology in the most important part of the flat cover showed that
there were fewer kinds of non-metallic inclusions. The inclusions specified in the standards include
sulfide inclusions, alumina inclusions, silicate inclusions, and spherical oxides. The original state of
the material meets the design requirements. Figure 7 shows the inclusion morphology of the sample.

 

Figure 7. Inclusion morphology of the sample.

3.5. Microstructure Observation

Metallographic specimens were taken from the sealing cover. After mechanical grinding and
polishing along the longitudinal section, the specimens were etched by an alcohol solution of FeCl3 +
hydrochloric acid at room temperature. The structure was observed under a ZEISS Axiovert 200MAT
optical microscope (OM). The grading method of the grain size of samples was carried out according
to grain size rating determination standard [19]. Figure 8 shows the structure of the flat cover material
which is martensite.
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(a) 

 

(b) 

Figure 8. Metallographic structure of the cover sample: (a) low magnification; (b) high magnification.

Microstructure and morphology of the flat cover material were observed and analyzed by TESCAN
VEGA3 XMU scanning electron microscopy (SEM). Figure 9 shows the SEM low and high magnification
microstructures of the specimens. The martensite structure of the material was uniform, and a small
amount of precipitated phase particles could be seen at the grain boundary.

 

(a) 

 

(b) 

– μ

γ’

Figure 9. SEM microstructure of the cover sample: (a) low magnification; (b) high magnification.

Further observation was conducted under JEOL JSM-2100 transmission electron microscopy (TEM).
Figure 10 shows the TEM morphology of the specimen. It can be seen that the width of martensite lath
is about 0.2–0.8 µm, and a large number of precipitations were uniformly distributed in martensite
matrix with high density. Electron diffraction analysis results show that a large number of rod-like
particles are Ni3(Al, Ti)-type γ’ precipitates, as shown in Figure 10b,c. In addition, large spherical
granules in Figure 10c are Fe2Mo precipitates. Some studies [20] have shown that the precipitations of
Fe2Mo occur with the increase of aging time and aging temperature.

3.6. Fracture Surface Observation

The fracture surface morphology was observed and analyzed by scanning electron microscopy
after ultrasonic cleaning of the sample. Figure 11 shows the fracture morphology in the vicinity of
the fracture source. It can be seen at the low magnification (Figure 11a,b) that the crack source is
located at the root of the transition between the upper cover and the edge liner. It can be seen at high
magnification (Figure 11c,d) that the crack source has an intergranular morphology and shows brittle
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fracture. During the external pressure test, the flat cover was subjected to a large stress from the outside
to the inside, and a large stress concentration was generated at the right-angle transition root in which
a crack source was easily generated and resulted in fracture.

– μ

γ’

 

(a) 

 

(b) 

 

(c) 

Figure 10. TEM microstructure of sealed top cover sample: (a) low magnification; (b) high magnification;
(c) precipitated phase Fe2Mo morphology.

 

(a) 

 

(b) 

 

(c) 

 

(d) 

Figure 11. SEM morphology of crack source at the fracture surface of the flat cover: (a) low magnification
morphology; (b) low magnification morphology at the crack source; (c) high magnification morphology
at the crack source; (d) partially magnified morphology at the crack source.
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Figure 12 shows the SEM topography of the tearing area of the flat cover. The tearing surface has
a dimple morphology, which shows ductile fracture characteristics.

 

(a) 

 

(b) 

Figure 12. Topography of cracking area of the flat cover: (a) low magnification morphology; (b) high
magnification morphology.

4. Finite Element Analysis

Based on the observations in Section 3, it can be concluded that the final fracture of the flat cover
is due to the large stress concentration generated at the right-angle transition root of the thicker central
part and the thinner edge. A crack initiated from this point is shown in Figure 13. It was initiated from
improper manufacture and has the length of 3 mm and the depth of 1.5 mm. Final failure easily occurs
because the material has low impact and toughness properties. A presumed semi-elliptical surface
crack is considered in this section to analyze the failure mode of the flat cover during loading process.
The fracture criterion is that the stress intensity factor at the crack tip reaches the plane strain fracture
toughness of the material.

 

Figure 13. Crack position at the right-angle transition root.

4.1. Fracture Toughness of the Material

Fracture toughness tests are not conducted in the present study; however, it can be deduced
from the widely accepted assumptions that the fracture toughness is taken to be a critical value of the
maximum stress intensity factor for unstable crack growth [21]. According to this definition, the unstable
crack growth will occur when Kmax reaches KIC. In order to reduce test costs, this method was used to
determine the fracture toughness of the material conveniently on the basis of the crack growth rate test
for data over a wide range of growth rates [9] at four load ratios, i.e., 0.1, 0.3, 0.5, and 0.7.
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The crack growth rate curves (da/dN~∆K curves) at four load ratios of 0.1, 0.3, 0.5, and 0.7 were
experimentally obtained in [9]. At each load ratio, two groups of tests were carried out. When the
crack growth curve began to transit from stable growth stage to unstable growth stage, the requirement
of Kmax = KIC should be satisfied. Then a value of KIC can be calculated based on each crack growth
rate curve. The average of these values can be taken as the final value of KIC as shown in Figure 14.
The data of ∆K(1 − R) are within a relatively stable range, and the fracture toughness of 18Ni (350)
can approach 37~40 MPa·m1/2, which agrees well with the data range in literature [12,13] and can be
applied for fracture analysis. The dotted line shows the average level of the calculated data of KIC,
which was about 38 MPa·m1/2. It must be emphasized that the toughness of this material is greatly
reduced compared to 18Ni (250), which is traditionally used in the pressure hulls of deep-sea manned
submersible [9].
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Figure 14. ∆K and ∆K(1 − R) values of 18Ni(350) determined by unstable crack growth properties.

4.2. Finite Element Analysis

SolidWorks software was used for three-dimensional modeling, and ABAQUS software is used
for finite element analysis after modeling. C3D8R element is used for meshing. Local mesh encryption
was made in the vicinity of key chamfers of the flat cover and contacts the part between the spherical
model and the flat cover, with mesh size of 1 mm, compared to the mesh size of 20 mm in other parts.
The small chamfer was not included in the calculation model, because when the crack was inserted
into the model, the stress concentration at the crack tip would be the dominant factor, and the stress
concentration at the small chamfer was no longer important. The whole structure model was used
in finite element calculation to obtain the critical stress area and the surface crack was inserted into
the local model after stress analysis. Figure 15 gives the whole model for stress analysis. The ballast
tank used in the deep-sea submersible was subjected to uniformly distributed hydrostatic pressure,
which was applied both in the spherical shell and the flat cover. In order to eliminate the overall
rigid body displacement without hindering the relative deformation, the boundary conditions were
set symmetrically with six displacement components constrained by the three-point support method
recommended in [22]. The contact surface between the flat cover and the sphere was set as the friction
contact with the friction coefficient of 0.1.
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UY=UZ=0UY=UZ=0

UX=UZ=0

Friction constraints：
μ =0.1

Y

XZ

Figure 15. Finite element model for stress analysis.

When a crack is simulated, the crack will be inserted into a sub-model. The sub-model was taken
out separately for the study. The calculation can be conducted by using the connection between the
global model and the sub-model, thus greatly reducing unnecessary computation and time costs.
According to the results of previous failure observations, the defective part of the cover is treated as
a sub-model and the crack with the length of 3 mm and the depth of 1.5 mm is inserted into the model.
After static analysis, the stress intensity factor of crack front can be obtained. The position relationship
between the sub-model and the global model is shown in Figure 16.

：
μ

Figure 16. The position relationship between the sub-model and the global model.

When the flat cover is subjected to different external pressures from 5 to 85 MPa, the stress intensity
factors of the crack can be obtained. Figure 17 depicts the stress intensity factors along the crack front
with increasing the external pressure. Figure 18 shows the changing of the stress intensity factors at
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the surface points and the deepest point with the external pressure. The stress intensity factor in the
length direction is larger than that in the depth direction. The maximum value of the stress intensity
factor occurs at the surface points. When the external load increases to about 75–85 MPa, the stress
intensity factor at the crack tip reaches 35–42 MPa·m1/2, i.e., approximating to the value of fracture
toughness, 38 MPa·m1/2, shown in Figure 14, which is the ultimate cause of the damage.
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Figure 17. Stress intensity factor along crack front with increasing external pressure.

–
–

0 10 20 30 40 50 60 70 80 90
0

5

10

15

20

25

30

35

40

45

K
 
(
M
P
a
 
m
0
.
5
)

Pressure (MPa)

 length

 depth

KIC

Figure 18. Stress intensity factor at the surface points and the deepest point.

5. Summary and Conclusions

In this paper, a destroyed flat cover made of 18Ni (350) used in an adjustable ballast tank
during high pressure testing was analyzed. To find out the cause of the damage, the mechanical
properties of the material used in the flat cover were re-examined by sampling and testing of the
broken parts. Non-metallic inclusions analysis, microstructure analysis, and fracture surface analysis
were conducted to find out the possible fracture cause. Finite element analysis based on fracture
mechanics to understand the ultimate cause of destruction was conducted. The following conclusions
and recommendations can be made:
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(1) Maraging steels are expected to still have high toughness when improving their ultra-high
strength level. 18Ni (250) grade is currently an acceptable candidate material for deep-sea pressure
hulls, which has achieved satisfactory application experience. To obtain better weight-to-displacement
ratio, the designers applied 18Ni (350) for an adjustable ballast tanks used in a deep-sea submersible.
The strength of 18Ni (350) is higher than that of 18Ni (250), however its toughness is lower. In the
current design guideline for deep-sea pressure hulls, the requirements for material toughness have not
been emphasized. The trial of applying 18Ni (350) was made in the present study but unexpected
failure of the flat cover occurred when load was relatively small.

(2) Non-metal inclusions analysis, microstructure analysis, and fracture surface analysis showed
that the original state of the material meets the design requirements with fewer kinds of non-metallic
inclusions. The material has low impact toughness, which is one of the reasons for the cracking of the
flat cover during the test.

(3) From the design point of view, it is suggested to optimize the transition from right angle to
chamfer at variable cross-sections, and to increase the thickness of the outer edge liner of the cover
appropriately, which will reduce the possibility of damage. During processing, the surface finish of
structural parts should be ensured, especially the root surface of the variable cross-section, so as to
avoid surface processing defects.

(4) The reliability of deep-sea pressure hulls, especially the pressure hulls of manned submersibles,
guarantees the safety of personnel and equipment. There must be attention paid to the comprehensive
performance of materials. From the point of view of material selection, the application of 18Ni (350)
maraging steel to the pressured structure in deep-sea environments is a risky choice. On the other
hand, the 18Ni series of maraging steels have broad application prospects in deep-sea environments,
so improving the toughness and plasticity together with increasing the strength level will be an important
research direction [23].
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Abstract: Selective Laser Melting (SLM) is an additive manufacturing technology, ideal for the
production of complex-shaped components. Design against fatigue is fundamental in the presence of
cyclic loads, particularly for these materials which typically have significant porosity, high surface
roughness and residual stresses. The main objective here is to study fatigue crack growth (FCG)
in the 18Ni300 steel obtained by SLM. Typical da/dN-∆K curves were obtained in C(T) specimens,
indicating that cyclic plastic deformation may be the controlling mechanism. A complementary
analysis, based on plastic CTOD range, showed a relatively low level of crack tip plastic deformation,
and consequently a reduced level of plasticity induced crack closure. The curve da/dN versus plastic
CTOD range is clearly above the curves for other materials.

Keywords: fatigue crack growth; Selective Laser Melting (SLM); Crack tip Opening Displacement
(CTOD); crack tip plastic deformation; ∆K

1. Introduction

Selective Laser Melting (SLM) is a technology for additive manufacturing consisting of the fusion
of a fine metal power layer by layer. It is an iterative procedure consisting of (1) deposition of a thin
layer of powder; (2) selective melting with a laser; and (3) descent of the manufacturing platform.
The laser moves in the build area with controlled speed and scan pattern. The unmelted powder is
collected and therefore there is no waste of material. The geometry is defined in a CAD model which is
read by the SLM equipment. This procedure is very interesting to generate components with complex
geometry and eventually composed of different materials. Therefore, SLM is becoming prominent in
the automotive, aerospace, medical and injection molds industries. Various materials, such as titanium
alloys [1], nickel-based alloys, iron, aluminum, bronze, copper, stainless steels [2] and high-speed steels
of metal matrix, can be considered in this process.

Several studies, primarily focused on the influence of the selection of metal powder and sintering
parameters on the microstructure of the sintered components, state that SLM components can provide
static mechanical properties competitive with those of conventional bulk materials. Nevertheless,
in service the components are typically dynamically loaded; therefore, the design must include the
analyses of fatigue performance. Studies focused on the fatigue behavior of sintered materials are
relatively scarce. Most previous studies developed tested smooth specimens under stress control [1,3,4]
or strain control [2]. Notched specimens have also been tested under stress control in order to obtain
S-N curves [5]. The presence of porosity, high surface roughness and thermal residual stresses,
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typical of these materials, reduce the fatigue initiation life, increasing the importance of the crack
propagation regime. Pores result from powder contaminations, evaporation or local voids after
powder-layer deposition. However, few studies on fatigue crack growth can be seen in the literature.
Greitemeier et al. [6] obtained da/dN-∆K curves in compact tension (CT) specimens made of TiAl6V4
(width, W = 40 mm and thickness, t = 10 mm). Wang et al. [7] presented da/dN-∆K curves obtained in
four-point bending specimens and using replica technique to measure the crack length.

The main objective of this work is to study the fatigue crack propagation in AISI 18Ni300 maraging
steel obtained by SLM. The mechanisms behind the phenomenon were analyzed using two different
approaches. First, the fatigue crack growth rate, da/dN, was obtained using compact tension specimens,
in agreement with ASTM E647 standard, and da/dN-∆K curves are plotted. Second, the crack tip plastic
deformation was analyzed, and da/dN is presented versus plastic Crack Tip Opening Displacement
(CTOD), predicted numerically for the C(T) specimen. The material plastic behavior was studied using
results obtained from low-cycle fatigue tests on smooth specimens under constant amplitude strain
range. The stress-strain hysteresis loops were used for fitting the hardening models.

2. Fatigue Crack Growth Analysis Based on ∆K

2.1. Material

Table 1 presents the chemical composition of the AISI 18Ni300 maraging steel. This steel contains
nickel as the primary strengthening source rather than carbon, promoting superior strength and
toughness. In addition to its high strength, the18Ni300 steel can be easily machined or formed;
afterwards it can undergo an aging heat treatment step, which forms intermetallic precipitates
involving cobalt, molybdenum and titanium that aid in increasing the tensile strength. Samples were
manufactured using Lasercusing® technology, with layers growing in the same direction as the load
application in the mechanical tests. The equipment for selective laser melting is of the mark “Concept
Laser” and model “M3 Linear”. This apparatus comprises a laser type Nd:YAG with a maximum
power of 100 W in continuous wave mode and a wavelength of 1064 nm. The scan speed was 200 mm/s.
The material layers were found to have about 40 µm of thickness. The analysis by scanning electron
microscope (SEM) showed the presence of a significant amount of small porosities and the formation
of martensitic needles [8]. Additionally, the increase of laser speed was found to increase the level
of porosity.

Table 1. Chemical composition of the 18Ni300 steel (weight percentage).

Element Percentage

C 0.01
Ni 18.2
Co 9.0
Mo 5.0
Ti 0.6
Al 0.05
Cr 0.3
P 0.01
Si 0.1

Mn 0.04
Fe Balance

2.2. da/dN-∆K Curves

Fatigue crack growth tests were carried out according to the recommendations outlined in the
ASTM E647 standard. Figure 1 shows the geometry of the C(T) specimens, obtained with thicknesses of 3
or 6 mm. The surface finishing of the C(T) specimens was achieved by high-speed mechanical polishing.
All fatigue crack growth (FCG) experiments were carried out using a DARTEC servo-hydraulic testing
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machine, equipped with a 100 kN load cell. The tests were performed at room temperature in ambient
air, under load control mode, at a frequency of 25 Hz, using a PC-based data acquisition system. The
load cases studied are presented in Table 2. Three stress ratios were considered: R = 0.05, 0.3 and
0.6. The crack length was measured with a travelling microscope, with magnification of 45× and
an accuracy of 10 µm. The data was collected and recorded for crack lengths, a, greater than 7 mm,
as indicated in Table 2. The fatigue crack growth rates (FCGR) were obtained from the five-point
incremental polynomial method.

μ

 

Figure 1. Geometry of C(T) specimen.

Table 2. Load parameters.

R Thickness, t [mm] Fmin [N] Fmax [N] A [mm] ∆K [MPa.m0.5]

0.05 3 74.4 1488 7.1–27.3 8.1–58.1
0.05 6 114 2284.2 7.2–26.6 7.6–47.8
0.3 6 870 2900 7.1–24.0 7.1–27.6
0.6 6 2850 4750 47.5 79.17

Figure 2a shows da/dN-∆K plots for the 18Ni300 steel, in log-log scales. The increase of ∆K
increases the FCG rate significantly, as is well known. Paris law regime is evident, and for relatively
low values of da/dN, there is a significant reduction of da/dN, typical of regime I of FCGR. There is also
a trend for the increase of da/dN with stress ratio, as could be expected. Anyway, the influence of stress
ratio is relatively small, which indicates a reduced level of crack closure. The results for thicknesses of 3
and 6 mm are nearly coincident, which also indicates a small level of crack closure. Figure 2b compares
FCGR for the 18Ni300 steel with results for other materials. The 7050-T6 aluminum alloy (AA) has the
highest crack growth rate, followed by the AA2050-T8. The 304L stainless steel has the lowest values.
Finally, the 18Ni300 is between the SS304L and the AA2050-T8. The slopes of da/dN-∆K curves in the
Paris law regime are similar. Please note that only the 18Ni300 steel was obtained by SLM.

2.3. Discussion

In this Paris law regime, cyclic plastic deformation is the mechanism usually used to explain
FCG. The model of striation formation by crack tip plastic blunting of Laird [9,10] is widely accepted
to generally describe the propagation mechanism of fatigue cracks in regime II of da/dN-∆K curves.
According to this model, plastic deformation at the crack tip is highly concentrated along the 45◦

direction, producing blunting and creation of a new fracture surface. Compression stresses at the
crack tip reverse slipping, the fracture surfaces approach, but the new surface cannot be removed by
re-connection of the atomic bonds, which is in accordance with the entropy law of thermodynamics.
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The results for the SLM steel are very typical in terms of linearity and slope of the Paris law regime;
therefore, it can be expected that FCG is controlled by cyclic plastic deformation at the crack tip. The
analysis of fracture surface by Scanning Electronic Microscopy (SEM) showed that fatigue crack growth
occurs mainly at the interfaces between layers of the SLM material. In some cases where the adhesion
between the deposited layers is higher, the failure can occur through the grain itself, in transgranular
mode. On the contrary, in many other cases, the failure occurs at the layer boundaries producing steps
corresponding to the thickness of one or two grains. Please note that the layer plane is normal to
the loading direction, which is expected to have a negative effect. In fact, Edwards and Ramulu [11]
showed that a layer plane parallel to the loading direction gives higher fatigue life. The weakness
of the interfaces is responsible for a relatively tortuous crack path, and therefore for a relatively high
fracture surface roughness.
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Figure 2. (a) da/dN-∆K curves (18Ni300 steel; t = 6 mm). (b) Effect of material on da/dN-∆K plots
(R = 0.1; R = 0.05 for the 18Ni300).

It is, therefore, questionable whether da/dN is linked to a brittle mechanism or to crack tip plastic
deformation. Llanes et al. [12] studied FCG in WC-Co cemented carbides, which are brittle materials.
They observed that da/dN strongly depends on the variation of Kmax. A law was proposed for FCGR
which was a function of Kmax and ∆K (da/dN = C(∆K)m(Kmax)n). The values of n were in the range
5–18, while the values of m were in the range 3–5. Intergranular crack growth is also observed in nickel
base superalloys [13]. However, in this case the brittle crack growth is associated with oxidation of
grain boundaries, which work as highways for the diffusion of oxygen. Tong et al. [14] resorted to
the progressive accumulation of tensile strains occurring near the crack tip to predict fatigue crack
growth rate in RR1000 nickel base superalloy. They used vacuum in order to remove oxidation, so
that viscoplastic deformation controls fatigue crack growth. Figure 3 presents da/dN versus Kmax for
the SLM steel. The comparison with Figure 2a indicates that ∆K is the driving force for FCG, instead
of Kmax. Therefore, cyclic plastic deformation is expected to be the controlling mechanism instead
of a brittle mechanism as observed in cemented carbides and nickel base superalloys. For a better
understanding of FCG mechanisms, an analysis based on crack tip plastic deformation was developed,
as is described in the next section.
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Figure 3. da/dN-Kmax curves (18Ni300 steel; t = 6 mm).

3. FCG Analysis Based on Plastic CTOD Range

A complementary approach was followed to study FCG, making use of the plastic CTOD range,
δp, instead of ∆K. This approach follows two assumptions: (i) fatigue crack growth is closely connected
with plastic deformation at the crack tip; and (ii) the plastic deformation at the crack tip can be
quantified by the plastic CTOD. δp was numerically determined using the finite element method.
The quality of numerical predictions is dictated by the adequate modeling of the material behavior.
Therefore, cyclic loading was applied to smooth specimens in order to obtain stress-strain response,
which was subsequently used to fit the material constants. The capability of analyzing crack closure
and fatigue crack growth using CTOD was fully demonstrated in an earlier work by the authors [15].

3.1. Low Cycle Fatigue Test

Experimental tests were performed at room temperature and in laboratory air environment, on a
DARTEC servo-hydraulic testing machine equipped with a 100 kN load cell. The tests were conducted
under axial total strain-controlled mode, with sinusoidal waves, using a constant strain rate (da/dt)
equal to 0.008 s-1, and total strain ratios (Rε) of zero and total strain amplitude (∆ε/2) equal to 0.8%.
Specimens were produced according to the specifications outlined in ASTM E606 [16], with a gage
section measuring 15 mm in length and 8 mm in diameter (Figure 4a).

The final surface finishing was obtained by high-speed mechanical polishing using a sequence
of silicon carbide paper grades, P600-grit, P1200-grit, and P2500-grit, followed by 3 µm diamond
paste. A 12.5-mm strain-gage extensometer was attached directly to the specimen gage section, using
rubber bands, to assess the stress-strain relationship during the test. A total of 41 loading cycles were
obtained to failure. 200 samples were collected for each loading cycle, using a PC-based acquisition
system. Figure 4b shows the stress-strain curve obtained. The material exhibits a mild cyclic softening
behaviour from the beginning of loading until about 80% of total life.

3.2. Identification of Material Parameters

The high precision in the FE simulation results of the plastic CTOD depends on the accurate
modeling of the material behavior. In this work, an elastic-plastic model was used: the isotropic elastic
behavior is modeled by the generalized Hooke’s law; the plastic behavior is described by the von
Mises yield criterion coupled with a mixed isotropic-kinematic hardening law under an associated
flow rule. The von Mises yield surface is described as follows:

(Σ22 − Σ33)
2 + (Σ33 − Σ11)

2 + (Σ11 − Σ22)
2 + 3Σ

2
23 + 3Σ

2
13 + 3Σ

2
12 = 2Y2 (1)

where Σ represents the effective stress tensor (Σ =σ’- X’, where σ’ and X’ are the deviatoric components
of the Cauchy stress tensor and back-stress tensor, respectively); Y is the yield stress, and its evolution
during plastic deformation is modeled by the Voce isotropic hardening law [17]:

Y = Y0 + (YSat −Y0)[1− exp(−CYε
p)] (2)
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where Y0, YSat and CY are material parameters and εp is the equivalent plastic strain. The non-linear
kinematic hardening is modeled by the Armstrong-Frederick law [18], as follows:

.
X = CX

[

XSat
Σ

σ
−X

′
] .
ε

p
(3)

where CX and XSat are material parameters and
.
ε

p
is the equivalent plastic strain rate. An optimization

procedure was carried out to obtain the set of material parameters that best model the cyclic plastic
behavior of 18Ni300, by minimization of the following least-squares function:

F(A) =
N
∑

i = 1

(

σFit(A) − σExp

σExp

)
2

i

(4)

where σFit(A) and σExp are, respectively, the analytically fitted and experimentally measured values of
true stress at data point i (that corresponds to an equivalent plastic strain value); N is the number of
experimental data points and A is the set of Voce and Armstrong-Frederick parameters to be identified.
The fitting procedure was carried out for 33 loading cycles (N = 6600), representing about 80% of total
life, using a non-linear gradient-based optimization algorithm available in the Microsoft Excel SOLVER
tool [19]. Table 3 shows the fitted material parameters that describe the elastic-plastic behavior of
18Ni300. In this table, the Voce isotropic hardening parameters follow Y0 = YSat, and therefore the
hardening is purely kinematic, which leads to a cyclically stable stress-strain fitting. This is acceptable
in case of 18Ni300, where mild cyclic softening occurs during the first 33 loading cycles. Accordingly,
the fitted material parameters describe adequately the experimental results, as can be seen in Figure 4c.
Table 3 also shows material parameters for other five metal alloys, which were characterized by the
authors in previous works.
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Figure 4. (a) Low cycle fatigue specimens. (b) Stress-strain plot (∆ε = ± 0.8%). (c) Experimental versus
fitted curve (18Ni300 steel).
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Table 3. Elastic-plastic parameters (AA—Aluminum Alloy; SS—Stainless Steel).

Material
Hooke’s Law
Parameters

Isotropic Hardening (Voce)
Kinematic Hardening
(Armstrong-Frederick)

E [GPa] N [-] Y0 [MPa] YSat [MPa] CY [-] CX [-] XSat [MPa]

18Ni300 160 0.30 683.62 683.62 0 728.34 402.06
AA7050-T6 [15] 71.7 0.33 420.50 420.50 0 228.91 198.35
AA2050-T8 [20] 77.4 0.30 383.85 383.85 0 97.38 265.41
AA6082-T6 [21] 70 0.29 238.15 487.52 0.01 244.44 83.18
AA6016-T4 [22] 70 0.29 124.00 415.00 9.5 146.50 34.90

304L SS [23] 196 0.3 117 87 9 300 176

3.3. Numerical Determination of δp

The C(T) specimen (Figure 1) presents geometric, material and loading symmetries; therefore, 1/4
of the specimen was modeled numerically considering adequate boundary conditions, as indicated in
Figure 5a,b. A pure plane stress state was simulated by assuming a small thickness equal to 0.1 mm.
Several initial crack lengths a0 were considered, equal to 7 mm, 10 mm, 13 mm, 16 mm, 19 mm, 22 mm
and 24 mm, to replicate a wide range of experimental crack lengths. The simulations were done under
load control, similar to the experimental tests. The maximum and minimum values of the remote load
were defined considering the experimental loads listed in Table 2.

Ν

δ

 

μ

μ μ −
μ

Figure 5. Model of the C(T) specimen. (a) Load and boundary conditions. (b) Boundary conditions for
plane stress state. (c) Detail of finite element mesh.

The finite element mesh (Figure 5a,c) comprised 7142 linear isoparametric elements and 14,606
nodes, with two main regions: (i) An ultra-refined mesh near the crack tip, composed of elements
with 8×8 µm side; and (ii) a coarser mesh in the remaining specimen, to reduce the computational
overhead. Only one layer of elements’ through-thickness was used. The crack propagation occurs at
the minimum load, by successive debonding of both crack front nodes over the thickness. A total of
159 crack propagations were modeled, each propagation corresponding to the size of one finite element
(= 8 µm), with a total crack advance (∆a) of 1272 µm (i.e., ∆a = (160 − 1) × 8 µm). Five load cycles were
applied between each crack increment.

The numerical simulations were performed using the DD3IMP (Deep-Drawing 3D IMPlicit)
in-house code, originally developed to model deep-drawing processes [24]. The evolution of the
deformation is modeled by an updated Lagrangian scheme, assuming a hypoelastic-plastic material
model. The material plastic behavior was modeled considering the set of elastic-plastic parameters
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shown in Table 3. The contact between crack flanks is modeled considering a rigid plane surface
aligned with the crack symmetry plane. A master–slave algorithm is used; an augmented Lagrangian
approach is used for the contact problem treatment.

3.4. Numerical Results

Figure 6 presents a typical numerical result of CTOD as a function of the remote stress, obtained
for an initial crack length a0 = 24 mm, followed by 20 crack propagations (∆a = 160 µm); the CTOD
was assessed at the first node located behind the crack tip, at a distance of 8 µm from the tip, as is
schematically indicated, which presents the most sensitivity to crack tip phenomena. The crack is
closed between A and B, for relatively low loads, i.e., the CTOD equals zero. The load increase opens
the crack at point B. After point B, the crack opening evolves linearly with load increase up to point C,
which is the boundary of the linear elastic regime. The range of loads between the opening load and
the onset of plastic deformation was used to predict the fatigue threshold, as will be described later. A
progressive increase of plastic deformation is found between points C and D, achieving its maximum
value for the maximum load. The load decrease generates reversed elastic deformation with the same
rate observed during loading. The subsequent load decrease produces reversed plastic deformation.
Figure 6 also plots the variation of plastic CTOD. Plastic deformation initiates at point C, achieving its
maximum value at maximum load. The plastic CTOD range, δp, which is correlated with fatigue crack
propagation rate, is shown in Figure 6. It should be noted that crack closure is implicit in the value of
δp. Increasing the crack closure phenomenon reduces the effective range of stress, also reducing the
total CTOD and the plastic CTOD. In the absence of crack closure, the entire load cycle is felt by the
crack tip. The plastic CTOD range also excludes the elastic deformation, which is not supposed to
affect FCG.

μ
μ

δ

δ

 

δ
−

δ

δ μ

δ

Figure 6. Evolution of Crack Tip Opening Displacement (CTOD) with load (a0 = 24 mm; plane stress).

Figure 7 presents the evolution of plastic CTOD range, δp, with load range quantified by ∆Keff

(= Kmax − Kopen), i.e., the effective range of stress intensity factor. The remote loads applied were
those used in the experimental FCG tests of the SLM material. The numerical tests were repeated
for different materials keeping constant the specimen geometry, the crack lengths and loading. The
increase in the load level increases δp, as might be expected. However, for the SLM material, the
plastic deformation level is relatively low, being about one order of magnitude lower than the values
obtained for the other materials. In fact, the values of plastic CTOD range, δp, are lower than 0.1 µm.
As can be seen in Table 3, this material has a relatively high yield stress, which explains the low level of
plastic deformation. This smallness makes the results very sensitive to errors of material modeling or
geometry. Anyway, there is a well-defined variation of δp with load range.
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Figure 7. Evolution of plastic CTOD range, δp, with effective load range (R = 0.01).

The experimental results showed a relatively low influence of specimen thickness and stress
on FCGR, which indicates that the crack closure phenomenon may have a low relevance. Figure 8
presents the evolution of crack closure with the crack length. The crack closure level was quantified by
two parameters:

Uclos =
Fopen − Fmin

Fmax − Fmin
× 100 (5)

where Fopen is the crack opening load, and

Reff =
Fopen

Fmax
(6)
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δ

δ
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Figure 8. Crack closure level versus ∆K (18Ni300; R = 0.05).

The first parameter quantifies the percentage of load range during which the crack is closed, while
the second one is the fraction of crack opening load divided by the maximum load. The crack closure
level increases with crack length up to 21% (or 25% for Fopen/Fmax). In literature the crack closure level
is usually quantified by Reff, and values of 0.25, the maximum value obtained here for the highest crack
length studied, are relatively low. This is explained by the relatively low plastic deformation obtained
for this material. Values in the range of 0.2 to 0.3 are typical of plane strain state [25–29]. However, no
crack closure was found for the SLM steel in the case of plane strain state.

Figure 9 shows the plastic CTOD range, δp, versus da/dN for different crack lengths and stress
ratios. According to this figure, there is a progressive increase of FCGR with δp, as could be expected.
The increase of stress ratio, R, moves the curve up. This variation, which should not exist, is relatively
small and can be explained by errors of δp and da/dN. In fact, in a previous work of the authors [21] it
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was shown that the da/dN-δp curves are invariant to the stress ratio. In other words, the approach
based on plastic CTOD range is able to remove the effect of R observed when ∆K is being used. This
indicates that δp dictates fatigue crack growth. Vasco et al. [30] also observed independence relatively
to stress ratio. In that study, δp was measured experimentally using Digital Image Correlation. A
2nd-order polynomial was fitted to the results obtained for R = 0.05:

da
dN

= 95.987× δ2
p + 1.052× δp (7)

where the units of da/dN and δp are µm/cycle and µm, respectively. The correlation coefficient is
R2 = 0.9842 and its validity is limited to δp in the range 0–0.8 µm. Figure 9 also presents results for
other materials. The material models for the 304L stainless steel and the 18Ni300 steel were obtained
using C(T) specimens, while the aluminum alloys were studied with M(T) specimens. For the same δp,
the fatigue crack growth rate is significantly higher for the laser sintered material (18Ni300) than for
the remaining materials.
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Figure 9. FCGR versus plastic CTOD, δp, for different materials.

ASTM E647 standard defines the experimental procedure to obtain fatigue threshold, ∆Kth. The
load range is gradually reduced until there is no crack propagation. In each loading step, some crack
propagation is required to eliminate the influence of crack closure from previous load. The load
range reduction can be done setting the stress ratio, R, or the maximum load. In the constant R load
reduction method, the maximum and minimum loads are successively reduced such that the stress
ratio (R = Kmin/Kmax) remains constant. However, the measured values of ∆Kth are affected by stress
ratio, being this effect linked to crack closure phenomenon. To overcome the effect of stress ratio, the
constant Kmax test procedure is proposed in the ASTM E647 standard. In this case, Kmin is progressively
increased in order to eliminate the effect of crack closure. The resulting effective threshold stress
intensity, ∆Kth,eff is often referred to as an intrinsic measurement of fatigue crack growth resistance.
The experimental approach is however laborious and time consuming. Two alternatives to predict
∆Kth were proposed here, based on the numerical analysis of plastic CTOD. In the first numerical
approach, Kmax was kept constant (= 23.4 MPa.m0.5), while Kmin increased. Figure 10a presents the
plastic CTOD range versus ∆K. The decrease of ∆K decreased δp, as expected, and the extrapolation to
the horizontal axis gave a threshold value ∆Kth = 11.2 MPa.m0.5. It is assumed that fatigue threshold
corresponds to the onset of zero plastic deformation. The second numerical approach uses the range
of elastic regime to define the fatigue threshold. In Figure 6, the load range between points B and C
defines the elastic regime of CTOD. The corresponding ∆Kth is obtained from this load range using
the K solution for the C(T) specimen. Please note that this is also an effective load range, free of crack
closure. Figure 10b presents the results obtained for two different load cases. The reduction of δp to
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zero defines the fatigue threshold. There is a convergence to a nearly constant value, which is a good
indication of the robustness of the approach. The value obtained with the constant Kmax approach is
also presented, being slightly higher that the values obtained using the COTD-load curve. However,
the experimental value is 5.2 MPa.m0.5 [31] being significantly lower than the numerical predictions.
This great difference can be explained by the effect of environment. In fact, the near-threshold FCGR is
quite small, giving time for the action of environment.

 

(a) 

 
(b) 

Figure 10. Numerical prediction of fatigue threshold. (a) Constant Kmax approach (a = 17.272 mm;
Kmax = 23.4 MPa.m0.5). (b) Analysis based on the CTOD versus load plots.
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4. Conclusions

The fatigue crack growth of the AISI 18Ni300 maraging steel made by Selective Laser Melting was
studied numerically and experimentally. The experimental study considered ∆K as the crack driving
force while the numerical work used the plastic CTOD. The main conclusions are:

The FCG rate, da/dN, plotted versus ∆K showed a classical Paris law regime with a typical value
of the slope. This indicates that cyclic plastic deformation is probably the mechanism controlling
fatigue crack growth. The influence of stress ratio and specimen thickness was found to be relatively
small, indicating a reduced level of crack closure. The analysis of fracture surfaces by SEM showed
propagation between deposition layers.

A complementary analysis was developed, based on plastic CTOD range, to better understand
crack growth mechanisms. The level of plastic deformation at the crack tip was found to be relatively
low, which also explains the relatively low level of crack closure. Consequently, the curve da/dN
versus plastic CTOD range is clearly above the curves for other materials.
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Abstract: This short communication offers a preliminary view on ongoing research conducted
on the as-built EOS maraging steel 300. The material’s cyclic elastoplastic characteristics under
strain-controlled loading have been investigated experimentally. Specimens fabricated under two
primary orientations, horizontally and vertically to the build plate, have been tested. The obtained
stress–strain hysteresis loops exhibited symmetry, with the vertical specimen showing a higher
plastic strain energy dissipation capability than the horizontal specimen. Modelling of the material’s
elastoplastic behaviour was performed with a commonly used kinematic hardening rule, combined
with both isotropic and anisotropic yield functions and elasticity moduli. The obtained simulations of
the hysteresis loops, from the implementation of these two plasticity models, indicate the advantage
of the anisotropic modelling approach over the isotropic approach. The anisotropic plasticity model
describes in a more representative way the inherent elastic and plastic anisotropy of the as-built
material. Further research is underway to explore the low cycle fatigue performance of this additively
manufactured metal.

Keywords: maraging steel; plasticity; cyclic loading; low cycle fatigue; additive manufacturing

1. Introduction

Maraging steel 300 (MS300), also codified as American Iron and Steel Institute (AISI) 18Ni300,
is an alloy typically used for structural components requiring very high strength, such as tooling,
moulds, aircraft landing gear, and rocket casings. MS300 has been popular in laser powder bed fusion
(LPBF) additive manufacturing (AM), mainly due to its good weldability. As with most AM alloys,
there has been substantial research conducted on the characterisation of the MS300’s mechanical
properties under monotonic and cyclic loading. In the literature, a wide array of results can be found
on its monotonic (tensile/compressive) performance, e.g., [1–6], while cyclic response results have
mostly been reported for its high cycle fatigue (HCF) performance (in the range of 105–106 cycles,
with the imposed stress/strain remaining within the elastic regime), e.g., [4,7–9]. However, for the full
characterisation of the material’s mechanical properties, it is necessary to investigate its performance
under cyclic loading.

Published work on the performance of MS300 under low cycle fatigue (LCF) conditions (material
loaded up to 103 cycles within the elastoplastic regime) is currently limited to a single study [10].
In particular, the work of Branco et al. [10] identified the strain-controlled LCF characteristics of
as-built MS300 produced with a Concept Laser M3 AM system. This study was limited to the
examination of test coupons that were fabricated by having their loading axis vertically to the built
plate (vertical orientation).

The present short communication reports a preliminary set of experimental and simulation results
obtained from an ongoing cyclic plasticity/LCF testing campaign on as-built MS300 produced with
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the EOS EOSINT M280 system. In particular, the experimental data from strain-controlled tests on
vertically and horizontally fabricated test coupons are presented, analysed and discussed. This work
offers an early look at experimental data examining the cyclic elastoplastic characteristics of this
additively manufactured metal, complementing and extending the existing dataset of Branco et al. [10].
It also allows a comparison with a subset of the same previously published data and the evaluation of
anisotropic plasticity modelling for simulation purposes. An isotropic plasticity modelling approach
is commonly used by researchers and industry practitioners; however, it is a practice that may
lead to higher computation error, which could, consequently, contribute to a substantial over- or
under-estimation of the LCF life of this metal and parts produced with it.

2. Materials and Methods

The material used was MS1 (MS300) powder supplied by a metal AM equipment manufacturer
(EOS). The powder consisted of spherical (36.69 µm median diameter) particles and had the chemical
composition shown in Table 1 [5].

Table 1. Chemical composition of the MS1 (MS300) powder used.

Ni Mo Co Ti Al Cr Mn C Fe

MS1 (MS300) 18.14 5.67 8.94 0.87 0.05–0.15 ≤0.5 ≤0.01 ≤0.03 Balance

Rectangular test coupons (compliant with the ASTM E8M standard) were fabricated with EOS
EOSINT M280 at the South Eastern Applied Materials (SEAM) Research Centre of the Waterford
Institute of Technology. The geometry, dimensions and tolerances of the test coupons are illustrated
in Figure 1. The EOS-recommended ‘MS1 Performance 2.0’ set of manufacturing parameters was
used. The test coupons were fabricated at vertical and horizontal orientations relative to the build
plate, with this communication reporting experimental data from a single set (one vertically and one
horizontally produced test coupon). For simplicity, the test coupons are denoted as horizontal and
vertical. Surface finishing was performed on the coupons via grinding and computer numerically
controlled (CNC) wire electrical discharge machining (EDM) [5].

≤0.5 ≤0.01 ≤0.03

Figure 1. Test coupon geometry, dimensions and tolerances (in mm).

The mechanical tests were conducted at room temperature with a Zwick/Roell (Dartec) M1000/RK
100 kN servo-hydraulic closed-loop uniaxial testing machine fitted with±100 kN fatigue rated hydraulic
wedge grips. The two test coupons were subjected to fully reversed (R = −1, where R is the ratio of
maximum to minimum strain) strain-controlled cyclic loading within a ± 0.9% strain range for the
horizontal and ±0.95% for the vertical test coupon.
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A microstructural analysis of the material of these specimens was not performed, as this has
already been covered in our previously published studies for the same material [5,11].

3. Cyclic Plasticity Mathematical Modelling

The cyclic elastoplastic response of the material was mathematically modelled with a three
term Armstrong–Frederick [12] kinematic hardening rule. The uniaxial formulation of this kinematic
hardening rule is described by Equation (1), where Xi is the back-stress, ci and γi are the material
parameters and dεp is the incremental plastic strain:

dXi = cidε
p − γiXi

∣

∣

∣dεp
∣

∣

∣, for i = 1, 3 (1)

Two types of yield surfaces ( f ) have been used for a separate implementation and analysis,
the isotropic von Mises, combined with isotropic elasticity (a single value for the Elasticity Modulus,
E), and the anisotropic Hill [13] (described by Equation (2)), combined with a Hooke’s law orthotropic
Elasticity Modulus (described by Equation (3)). For brevity, the two models are referred to in the paper
as the isotropic and the anisotropic plasticity model.

f = F(σ22 − σ33)
2 + G(σ33 − σ11)

2 + H(σ11 − σ22)
2 + 2

(

Lσ2
23 + Mσ2

31 + Nσ2
12

)

= 1/2 (2)

where σi j are the stress components and F, G, H, L, M and N are the coefficients of the Hill anisotropic
yield surface.
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(3)

where εi j are the components of strain, Ei are the Elasticity Modulus’ tensor components in the direction
of loading, νi j are the Poisson ratios for extension in the i and j directions and Gi j are the Shear Modulus
components in direction j on the plane whose normal is in direction i.

The anisotropic yield surface and orthotropic Hooke’s law (anisotropic model) were selected
to allow the implementation of previously identified and measured plastic and elastic anisotropic
parameters of the MS300 material [5]. The isotropic model was used as a benchmark to the anisotropic
plasticity model in order to evaluate the latter model’s simulation accuracy.

4. Results and Discussion

4.1. Cyclic Mechanical Testing

The as-built EOS MS300 test coupons were strained to failure; however, only the data corresponding
to the 28th cycle are reported and have been used in this analysis. This was a deliberate choice, since
unplanned interruptions of the tests at the 29th cycle and the 516th cycle for the vertically and
the horizontally built test coupons, respectively, may have compromised both the evolution of the
hysteresis (stress–strain) loops and the LCF life of the material. Nevertheless, the 28th cycle data were
sufficient to illustrate the cyclic elastoplastic characteristics of this material and to allow a comparison
with the Branco et al. [10] mid-life (32nd cycle) results for the same strain range (±0.9%) or close to
that (i.e., ±0.95% for the vertical coupon). The obtained stress–strain hysteresis loops along with the
aforementioned Branco et al. [10] experimental data are illustrated in Figure 2.
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Figure 2. The hysteresis loops of the tested as-built EOS MS300 horizontal and vertical test coupons
(at the 28th cycle) and the Branco et al. [10] published data for the as-built MS300 vertical coupon.

The hysteresis loops of the tested coupons (vertical, horizontal) appear to have symmetry, both in
terms of their shape and in absolute stress values (approximately 900 and 1000 MPa, respectively).
It can be observed that this is not the case for the Branco et al. [10] data, as the hysteresis loop has a
negative stress asymmetry of approximately 100 MPa. Of note is that the area enclosed by the hysteresis
loops, representing the plastic strain energy dissipation, is considerably smaller for the horizontal and
the Branco et al. [10] vertical coupon compared to that of the vertical coupon. This is an indication of a
higher LCF resistance of the vertical coupon; however, safe conclusions cannot be made unless further
tests are performed for the estimation of the LCF life of as-built EOS MS300.

4.2. Cyclic Plasticity Simulation

The parameters of the kinematic hardening rule (Equation (1)), used in both the isotropic
and anisotropic plasticity model, were calibrated manually (employing a successive trial and error
continuous optimisation approach) from the experimental hysteresis loop data (for the vertical coupon).
These parameters are listed in Table 2. Moreover, the yield stress was calibrated to σy = 420 MPa to
account for the cyclic properties of the material (as opposed to using the yield stress measured from
monotonic tensile tests).

Table 2. Parameters of the kinematic hardening rule for the as-built EOS MS300, used in both the
isotropic and the anisotropic plasticity model.

Kinematic Hardening

c1
241,800

MPa γ1 930

c2 98,280 MPa γ2 945
c3 14,112 MPa γ3 96
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For the isotropic hardening model, the Elasticity Modulus, E, selected was 160 GPa and the
Poisson ratio, ν, was 0.35 (based on the data reported in [5]).

The coefficients of the Hill anisotropic yield surface (Equation (2)) and the orthotropic Hooke’s law
(Equation (3)) (anisotropic plasticity model) were obtained from a previously published paper [11] on
the same material (as-built EOS MS300). These coefficients are listed in Table 3. The methodology for
the calculation of these coefficients is outside the scope of this paper; therefore, the reader is referred to
the same publication for a detailed description [11].

Table 3. Coefficients of the Hill anisotropic yield surface and the orthotropic Hooke’s law tensor for the
as-built EOS MS300, used in the anisotropic plasticity model [12].

Hill Orthotropic Hooke

F 0.798 E1 137 GPa ν12 0.43
G 0.638 E2 161 GPa ν21 0.93
H 0.202 E3 122 GPa ν13 0.26
L 1.167 G12 122 GPa ν31 0.01
M 1.500 G12 122 GPa ν23 0.24
N 1.500 G23 122 GPa ν32 0.35

The two plasticity models were implemented for this study’s experimental data (hysteresis loops
stress–strain curves), derived from the two tested coupons (horizontal, vertical). Figure 3 presents the
simulation results, where a good prediction of the experimental data can be observed. Of particular
interest is that a closer prediction was obtained with the anisotropic plasticity model, which is attributed
to the more representative description of the (elastic and plastic) anisotropy of the as-built EOS MS300
(measured in [5]). This is more clearly evidenced in the case of the horizontal test coupon data,
where the hysteresis loop is simulated very well.

This, qualitative comparison is complemented by a calculation of the average error between
experimental and simulated data (across the range of the stress–strain curve). The results of this
calculation are included in Table 4, where the clear advantage of adopting the anisotropic plasticity
model over the isotropic model is confirmed again.

Table 4. Average error (%) for the vertical and horizontal test coupon experimental and simulation
data for the isotropic and the anisotropic plasticity model.

Isotropic Anisotropic

Vertical 43.5% 36.3%
Horizontal 58.6% 21.1%
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(a) (b) 

(c) (d) 

  

Figure 3. Experimental versus simulation results for the (a) isotropic plasticity model for the horizontal
coupon; (b) anisotropic plasticity model for the horizontal coupon; (c) isotropic plasticity model for the
vertical coupon; and (d) anisotropic plasticity model for the vertical coupon.

5. Conclusions

The obtained experimental and simulation results for the as-built EOS MS300 and the analysis
have identified the following important features for this material:

• The stress–strain hysteresis loops produced from cyclic elastoplastic strain loading exhibited
symmetrical characteristics, for both horizontal and vertical test coupons.

• Vertical test coupons appear to have a higher capacity for plastic strain energy dissipation than
horizontal coupons, as indicated by their hysteresis loop area.

• The plasticity models used in this study were capable of simulating the hysteresis loops well.
• The anisotropic plasticity model offers a more representative description of the mechanical

behaviour of this metal, resulting in higher accuracy simulations than the isotropic model.

A strain-controlled test campaign is ongoing, where coupons subjected to various strain ranges
will be tested until failure. This will allow the estimation of the LCF life of the material, along with
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obtaining stress–strain hysteresis loops. The results and findings from this experimental investigation
are expected to be reported in a subsequent full research paper.
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Abstract: The division of the total fatigue life into different stages such as crack initiation and
propagation is an important issue in regard to an improved fatigue assessment especially for
high-strength welded joints. The transition between these stages is fluent, whereas the threshold
between the two phases is referred to as technical crack initiation. This work presents a procedure to
track crack initiation and propagation during fatigue tests of ultra high-strength steel welded joints.
The method utilizes digital image correlation to calculate a distortion field of the specimens’ surface
enabling the identification and measurement of cracks along the weld toe arising during the fatigue
test. Hence, technical crack initiation of each specimen can be derived. An evaluation for ten ultra
high-strength steel butt joints reveals, that for this superior strength steel grade more than 50% of
fatigue life is spent up to a crack depth of 0.5 mm, which can be defined as initial crack. Furthermore,
a notch-stress based fatigue assessment of these specimens considering the actual weld topography
and crack initiation and propagation phase is performed. The results point out that two phase models
considering both phases enable an increased accuracy of service life assessment.

Keywords: fatigue strength; ultra high-strength steel; butt joints; weld topography; crack detection
and tracking; crack propagation

1. Introduction

1.1. Fatigue Assessment of Welds Considering Crack Initiation and Propagation

The fatigue life of a component is a very complex physical process which could be divided to
five stages [1]: dislocation movement, crack nucleation, micro- and macro crack propagation and the
final fracture. For fatigue assessments of welded joints, the individual consideration of each phase is
usually too complicated. Most procedures focus on the stages up to a crack of detectable size. Fracture
mechanical approaches, on the other hand, neglect all stages before macro crack propagation. In order
to increase the accuracy of technical fatigue assessments, two-phase models considering both crack
initiation and propagation are introduced [2]. Hereby, the first three stages are treated as the crack
initiation phase (index init) followed by a crack propagation phase (index cp). Thus, the total fatigue
life up to burst fracture Nf sums up the cycles of both phases Ninit and Ncp, respectively. The transition
between these two phases is referred to as technical crack initiation at a crack depth ath; its value varies
depending on the selected model [3–6]. In the literature, various approaches exist for an assessment of
the crack initiation phase, such as the fatigue notch factor Kf [7–9], strain life approaches [10,11] or
the notch stress intensity factor [12,13]. The crack propagation phase, on the other hand, is generally
assessed using linear elastic fracture mechanics.
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1.2. Detection of the Crack Initiation Point

The result of a standard load controlled fatigue test is the number of load cycles until burst fracture
at a certain load level, including the crack initiation and propagation phase. For cylindrical small-scale
specimens without considerable imperfections, such as pores, the crack propagation phase is rather
small compared to crack initiation. Therefore, the S-N curves obtained by such standard tests could be
applied in fatigue life assessment concepts to estimate the time to crack initiation [14]. For welded
components, on the other hand, the specimens should exhibit a certain width/sheet thickness ratio in
order to ensure a steady state residual stress state and crack initiation from a plain weld rather than
the specimen’s edges [15]. In practice, a minimum width of three to five times the sheet thickness
is suggested to avoid such effects [16,17] causing welded specimens to be comparably large even
in the case of thin sheets. Therefore, the crack propagation life of welds significantly contributes to
the specimen’s total fatigue life [18–20]. Hence, the knowledge about the technical crack initiation
enables a split of the fatigue assessment to crack initiation and crack propagation phases. This is of
great interest even for fatigue tests of welded specimens, as it makes a more precise assessment of a
structure’s fatigue life possible.

A number of different methods exist for monitoring crack propagation. For welded structures,
local strain measurement at hot spots [21,22] is widely used due to its flexibility and easy handling. This
procedure is expedient if the specimen has a low number of distinct hot spots, such as a longitudinal
stiffener, where crack initiation will occur. Otherwise, a high number of strain gauges is necessary to
cover the whole highly-stressed weld toe area.

Another common technique is the application of a mixture of zinc oxide and glycerine on the weld
toe [21,23] giving a colour change from white to black when a crack initiates. The main disadvantage
of this method lies in the fact that the weld is covered by a viscous fluid preventing any exchange of
oxygen leading to a possible change of crack initiation and propagation behaviour.

A purely optical tracking of crack propagation is performed in [24,25]. Hereby, an industrial
camera tracks the crack’s surface extension using its contrast to the surrounding surface. This procedure
achieves high accuracy but it requires a fine surface quality and special lighting.

In [24], the optical tracking is compared to the crack propagation detected via crack gauges.
For this procedure, a crack gauge is applied on the surface region where the crack is expected. During
the fatigue test, constant current flows through the crack and the resistance based on voltage drop is
measured. As the crack opens, the crack gauge is torn apart, thereby increasing the resistance of the
gauge, which can be linked to the surface crack length. The comparison between optical measurement
and crack gauges in [24] reveals a sound accordance.

The eddy current method applied in [26,27] enables non-contact measurement of surface cracks
even below paint coatings. Thereby, eddy currents proportional to the conductivity of the material are
induced by placing an AC-energized probe coil near the surface of the specimen. Discontinuities, such
as cracks, affect the magnitude and phase of the induced current. The consequential magnetic field is
then sensed by the probe indicating the presence and size of the surface crack.

Digital image correlation (DIC) is used for estimating stress intensity factors in [28] and the
consequential identification of crack propagation law parameters in [29]. In [30], DIC and crack opening
displacement techniques are combined to monitor crack propagation tests. Therewith, the fatigue
behaviour of thin cracked plates made of aluminium alloy in crack propagation mode I are analysed.

1.3. Effect of Local Weld Geometry on Fatigue Performance

Modern welding technologies involving highly automated processes enable the production of
high-quality welds exhibiting a very smooth transition at the weld toe. Nevertheless, variations in
weld geometry due to the dynamic welding processes cannot be eliminated entirely. These very local
discontinuities often govern the fatigue performance of welds due to its locally pronounced notch
effects. Due to the increasing demands on quality of the welds of high-strength structural components,
the effect of local weld geometry on the fatigue performance is of particular relevancy. Therefore,
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an assessment of such variations is essential in order to determine the maximum allowable size
and extension.

In [31–33], the linear elastic stress concentration factor is utilized to take weld geometry into
account. Thereby, Ref. [31,32] determine the stress concentration factor by the aid of linear elastic
FE-analysis, whereas [33] uses analytical equations. In general, this procedure is prone to overestimating
the effect of the actual geometry, as support effects are not considered. However, a local fatigue notch
factor can be obtained by evaluating the local notch stress course, the stress gradient and, finally,
the corresponding supporting factor [34].

Radaj proposed to replace the actual weld toe transition radius by a fictitious radius ρf in order to
take support effects into account [9] (see Equation (1)). In [33], this procedure leads to better matching
results than the use of the actual transition radius.

ρ f = ρ+ 1mm (1)

The effective notch stress concept [9,35–37] proposes a reference notch radius of ρref = 1 mm
independent of the actual geometry. Thereby, a crack-like weld toe exhibiting an actual weld toe radius
of ρ = 0 mm is assumed leading to a fictitious radius ρf =ρref = 1 mm in Equation (1). This concept is
part of the International Institute of Welding (IIW) guideline [38], verified and consistent for structural
steels and aluminium alloys. However, it does not consider the actual weld toe geometry. Therefore,
it tends to deliver conservative results especially for high-quality high-strength welds with extremely
shallow weld toes.

In [39], the critical distance approach developed by Lawrence [10] is applied. Thereby, the
fatigue notch factor Kf is calculated from the stress concentration factor Kt using the Peterson formula.
The required parameter a*, the critical distance, is related to the ultimate tensile strength of the material.

Neuber proposed in [8] an evaluation method based on stress averaging in order to consider
microstructural support. Hereby, the fatigue assessment is performed using an effective stress σeff

obtained by averaging of the stress distribution in depth σ(x) over the microstructural support length
ρ* at the surface layer instead of the linear elastic stress maximum (see Equation (2)). The fraction of
σeff and the nominal stress σn gives the fatigue relevant effective stress concentration factor Kf (see
Equation (3)).

σeff(ρ
∗) =

1
ρ∗

∫ y0+ρ
∗

y0

σ(y)dy (2)

Kf(ρ
∗) =

σeff(ρ
∗)

σn
(3)

Values for the key parameter ρ* are provided by Neuber himself for various materials in [8].
For welded structural steels exhibiting a microstructure similar to steel castings a microstructural
support length of ρ* = 0.4 mm is suggested leading to the effective notch stress concept with a fictitious
transition radius of ρref = 1 mm, which is mentioned above in Radaj’s concept. In [40], comprehensive
investigations on the effect of weld geometry on the fatigue strength under consideration of the
microstructural support length are published. Here, a significantly smaller microstructural support
length of around ρ = 0.1 mm reveals the lowest scatter band of all fatigue test results. This is traced
back to the high hardness of the weld, where Neuber’s initial suggestion for ferritic steel is more
appropriate instead of cast steel.

In many cases, the effects of the weld geometry regarding to fatigue strength is assessed using
fracture mechanics neglecting the crack initiation phase. In [41], the effects of variations of weld
geometry parameters are studied systematically. A comparison to test results reveals the best agreement
using a semi-elliptical crack with an initial depth of ainit = 0.05 mm. The work published in [42]
presents a holistic study on the effects of the weld geometry applying the IBESS-model [43], a fracture
mechanics-based prediction of the fatigue strength of welded joints. Mashiri et al. [44] carried out
crack propagation analysis using the boundary element analysis. Their investigations on the effect of
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weld profile and undercuts on fatigue life shows the best fit at an initial crack length of ainit = 0.1 mm.
In [45,46], the Frost diagram is utilized to assess undercuts from a fracture mechanical perspective.
The focus hereby lies in the establishment of undercut tolerances for industry.

Concluding, numerous local approaches are currently available for fatigue assessment of welded
joints, but for calculation one has to apply proper local weld toe geometry values especially in the case
of high-quality welds.

2. Experimental Investigations

The experimental work of which results are utilized in this paper, especially specimen
manufacturing and details regarding the fatigue testing setup, have been already published in [47].
This chapter provides a short overview on the invoked test procedure for completion. In addition,
investigations on the crack propagation parameters of the weld’s base material are performed and
described in this section.

2.1. Fatigue Tests

The two-layer butt-welded specimens are manufactured using S1100 base material of 6 mm sheet
thickness, T89 metal core filler wire and standard M21 shielding gas. The mechanical properties
of the base and filler metal are listed in Table 1. An optical inspection of the specimens after the
manufacturing process reveals undercuts at the weld toe of several specimens (see Figure 1). These
specimens undergo a surface topography scan prior to fatigue testing in order to investigate the effect
of these imperfections. The tumescent tensile fatigue tests were carried out under standard atmosphere
at a stress ratio of R = 0.1 and a test frequency of f = 10 Hz up to burst fracture or a run-out level of
10 million load cycles. The statistical evaluation in finite life regime is performed according to [48]
using arbitrary slope values, whereas the run-out level is assessed by the arcsin

√
P-procedure [49] with

a decrease of 10% per decade in fatigue strength corresponding to a slope of k = 22, as suggested in [50].
Figure 2 shows the fatigue test result, where the effect of the weld undercuts regarding to fatigue
strength is clearly visible. However, in some cases the reduction in fatigue life is far less pronounced
than expected based on the evaluation of each weld’s stress concentration factor (see Section 4.1
and [47,51]). Figure 3 shows the fracture surface of a defective specimen clearly identifying the crack
initiation point at the undercut.

Table 1. Mechanical properties of the base and filler material.

Material
Yield Strength
σy (MPa)

Tensile Strength
σu (MPa)

Elongation A (%)
Impact Work
ISO-V KV (J)

Base, S1100 ≥1100 ≥1140 ≥8 ≥ 27 @ −20 ◦C

Filler, T89 ≥890 ≥940 ≥15 ≥ 47 @ −40 ◦C

 

√

σ σ
≥ ≥ ≥ ≥ −
≥ ≥ ≥ ≥ −

 

Figure 1. Specimen with weld toe exhibiting a local undercut [47].
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Figure 2. Fatigue test results according to the nominal stress evaluation [47].
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Figure 3. Fracture surface clearly showing the crack initiation point at the undercut (red arrow) [47]
(∆σn = 200 MPa, Nf = 2.87×106, R = 0.1).

2.2. Determination of Crack Propagation Parameters

The assessment of crack propagation life requires the knowledge of suitable material parameters
describing the crack propagation behaviour. Therefore, the determination procedure utilizing
crack gauges presented in [24] is applied to measure the crack propagation of S1100 base material
exhibiting 6 mm sheet thickness. Hereby, four single edge notch tension (SENT) specimens are tested
under constant amplitudes at a stress ratio of R = 0.1 recording the respective crack propagation.
The subsequent evaluation of the fatigue crack growth rate is performed according to ASTM E647 [52];
the according geometry factor to determine the specimens stress intensity factor is based on [53].
Figure 4 shows the resulting long-crack propagation behaviour of all four specimens.

In the literature, many different models are provided describing the materials’ behaviour in the
da/dN—∆K regime; for example, in [54,55]. For this work, the crack propagation model according to
Paris-Erdogan [56] is applied requiring only two parameters CP and mP (see Equation (4)). A non-linear
fitting procedure was used to determine these parameters for the present experimental data, whose
result is plotted in Figure 4 as well. The consequential values are CP = 8.3509×10−10 and mP = 1.721 for
units of mm/cycle and MPa

√
mm, respectively.

da/dN = CP·∆KmP (4)
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Ō

Figure 4. Stable crack propagation curve of the investigated S1100 base material at R = 0.1.

3. Optical Detection of Crack Initiation and Propagation

The following section presents an engineering feasible method for detecting crack initiation and
tracking its propagation of welded specimens. This quite straightforward procedure is based on
digital image correlation of pictures of the specimens acquired during the experiment using a common
single-lense reflex (SLR) camera system.

3.1. Experimental Setup

The setup for this method is very simple and does not require any changes on the specimen
itself (see Figure 5). A common digital SLR camera is placed around 20–30 cm off the specimen’s
surface. The exact distance is figured out empirically for each specimen type in order to fit the region of
interest to the camera’s captured area and its focus settings. In order to trigger the camera during the
fatigue test, the cameras trigger button is connected to the control computer for the hydraulic test rig.
The applied camera is a Canon (Ōta, Tokyo, Japan) EOS 650D featuring a comparably high resolution
of 18 megapixels. The lens selected for the pictures is a Canon EF-S 60mm f/2.8 Macro USM macro
lens enabling a detailed view of the region of interest without the risk of collision with the clamping
devices. A lighting system consisting of an LED lamp is installed to ensure lighting independent of the
time of day.

The image acquisition is performed at the specimens’ upper load Fu causing possible cracks to open.
Before running the test, a reference image is taken at maximum loading as a basis of comparison, which
is required by the subsequent post-testing digital image correlation procedure. At first, the possibility
of synchronized image acquisition during fatigue testing was checked. However, as the image has
to be taken exactly at the maximum load, a very short shutter time is required in order to ensure a
clear picture with adverse impact on the image quality. Hence, the run cycle of the fatigue test stops at
maximum load for the image acquisition for a few seconds (see Figure 6). Due to the short retention
time and standard conditions around the specimen, holding the specimen at maximum load does not
affect the crack initiation and propagation behaviour.
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(a) (b) 

Figure 5. Setup for image acquisition: (a) Schematic layout; (b) setup at test rig.

 

 

Figure 6. Schematic block testing programme for image acquisition.

The image acquisition starts with a reference image before test start and continues after a certain
number of load cycles Ninitial. This initial cycle number is based on previous tests and strongly depends
on the load level of the respective test. The a priori fatigue testing reference image and the image taken
at the initial cycle number show no distinct difference, implying early-stage crack propagation. After
the initial image acquisition, the fatigue test is continued block by block. The number of load cycles
between two images Ninterval increases with the load cycle number according to Table 2. Both measures
reduce the number of images to be taken without a significant decrease of the procedure’s accuracy.
A final image of the broken specimen at Nf provides insight on the failure-tripping crack in case of
several initiated cracks.

Table 2. Definition of intervals for image acquisition.

Current Load Cycle Number N (–) Interval between Image Acquisition Ninterval (–)

0≤ N <100,000 2000
100,000≤ N <400,000 5000
400,000≤ N <800,000 10,000
800,000≤ N <1500,000 25,000

1500,000 ≤ N 50,000

137



Appl. Sci. 2019, 9, 4590

3.2. Crack Detection and Tracking Procedure

A Matlab©-based procedure (R2017b, The Mathworks, Inc.; Natick, Massachusetts, USA) is
developed for detection of crack initiation and subsequent tracking of crack propagation. Essentially,
it is divided into two sections. At first, digital image correlation is applied to the acquired images in
order to get a local distortion field of the specimen’s surface. Therefore, an algorithm submitted to
Matlab Central File Exchange by Elizabeth Jones [57] (File ID #43073) provides the basic functions.
This code is evaluated using standard test images by the Society for Experimental Mechanics (SEM) in
the DIC-Challenge, see [58] and the website https://sem.org/dic-challenge/. The second section detects
crack initiation and tracks crack propagation using the distortion field gathered in the first step.

The procedure’s structure and operation is described in the following subsection using exemplarily
a specimen tested at a nominal stress range of ∆σn = 400 MPa, an image acquisition after Ninitial =

60,000 load cycles and Nf = 85,039 load cycles until burst fracture.

3.2.1. Local Distortion Field of the Specimen’s Surface

A crack in a structure leads to a local reduction of the stiffness along with a significant increase
of local displacement in case of a load perpendicular to the crack surface. Therefore, the change in
local displacement is a suitable parameter for the detection of surface cracks. Hereby, digital image
correlation is an appropriate tool in order to measure this parameter using the images acquired during
the fatigue tests. Digital image correlation is a camera-based toolbox to acquire full field displacements
by cross-correlation. Usually, speckle patterns are applied to the measured surface in order to increase
the surface contrast. However, in the present case the texture of the specimens’ surface itself turned out
to be sufficient for correlation in the desired regions. This is a great advantage compared to other crack
detection methods as any surface modification could lead to a change in the weld’s crack initiation and
propagation behaviour.

The image correlation procedure compares each image at a certain number of load cycles with
the reference image acquired at the beginning of the fatigue test. In order to exclude any effects
coming from optical distortion due to the camera lens, the Matlab© built-in Camera Calibrator is applied
to estimate the geometric parameters of the utilized lens. Subsequently, the distortion effects are
removed of the acquired images. Figure 7 shows the grayscale images prepared for image correlation
of Reference (a) and last image (b) of the exemplary specimen. Here, the x-axis corresponds to the
horizontal and the y-axis to vertical direction. The last image already shows a large crack at the upper
weld toe leading close to burst fracture. However, the actual size of the crack is not visible. In order to
increase the correlation speed, parts of the image are excluded from correlation which do not contain
relevant information, such as the areas to the left and right of the specimen. Here, Figure 7a shows the
processed net surface as a red rectangle. The correlation procedure requires a set of parameters affecting
its quality and accuracy as well as the calculation time which are described in the documentation of
the code (see [59]). Hereby, a suitable set of parameters for the current images is invoked using the
documented approach and further empirical investigations. One of the most sensitive parameters is
the grid spacing defining the distance in pixels between two adjacent control points. At these points,
the output distortion is computed. Therefore, the grid spacing represents the resolution quality of the
result directly linked to computation time. For example, an image with a size of 6000 × 4000 pixels
and a grid spacing of 15 pixels results in a distortion field of 400 × 267 entries. Here, a large grid
spacing gives a rather coarse distortion field whereas a fine grid spacing leads to a disproportional long
calculation time of several hours per image and increases the risk of poor correlation results. Thus, a
grid spacing between 15 and 20 pixels is recommended. A more detailed insight on the correlation
procedure and its parameters is given in [60].
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Figure 7. Reference and last image of an exemplary specimen, ∆σn = 400 MPa, Nf = 85,039: (a) Reference
image before fatigue test; (b) image at N = 84,000 with crack at upper weld toe; (c) magnification of the
crack region of (b).

The result of the image correlation procedure for N = 84,000 is depicted in Figure 8a as the
vertical displacement field sy in the load direction of the specimen. This outcome includes the local
displacement as well as a potential global movement of the specimen due to a small amount of sliding
in the clamping area. Therefore, the vertical gradient of the vertical displacement s’y is introduced in
order to highlight local changes in vertical displacement and simultaneously exclude possible global
movement. The corresponding result of the displacement gradient is depicted in Figure 8b explicitly
indicating the present cracks only.

 

  

(a) (b) 

Figure 8. Result of image correlation at N = 84,000: (a) Displacement field sy in vertical (y)-direction;
(b) vertical gradient of vertical displacement field s’y.
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3.2.2. Crack Detection and Tracking

This section deals with the identification of a crack and its tracing over the load cycle number
based on the results of the digital image correlation procedure. This includes recognition of a newly
initiated crack to an existing one, as well as the merging of two small cracks into a larger one. This
part of the procedure is once again divided into two subsections; the first covers the detection of all
cracks for each image separately. The second traces the growth with increasing load cycle number and
determines possible merges, as well as initiation of new cracks.

The identification of cracks in an image is performed utilizing the Matlab implemented image
processing toolbox. Therefore, the gradient field is converted to a binary black-white image with an
initial threshold value s’y,thres of two pixels/pixel. If the maximum gradient value of an image exceeds
forty pixels/pixel, the threshold value is adapted to five percent of the maximum value. The reason for
this lies in the enlargement of the plastic zone at the crack tip with increasing crack length [55], which
is considered by this adaptive threshold setting. It has to be noted that the definition and the course
of the threshold value is, besides the parameters of the image correlation, the primary influencing
factor regarding the finally-measured crack length. Therefore, it plays a decisive role in the procedure’s
verification process (see Section 3.3.). Figure 9 shows the black-white image related to Figure 8b with a
threshold value of s’y,thres = 2.39. Figure 10 plots the result of crack identification process in the gradient
field of Figure 8b.

 

 

Figure 9. Binarized matrix of Figure 8 indicating crack regions.

 

 

Figure 10. Gradient field s’y of Figure 8 with marked results of the crack identification process.

Based on the results of each image, crack tracking is performed over all of the images. At first,
the last image before fracture is considered by identifying the number and positions of the final cracks
before specimen failure. This information is essential, as all crack initiations will occur in these areas.
However, due to this action, the procedure is not suitable for application during the test without any
modification. Subsequently, a loop through all images assigns the respective cracks to a final crack.
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Additionally, the merging of cracks is noted at this point by a comparison to the previous image’s state.
Finally, the determined surface crack length is converted from pixels to millimetres.

Figure 11 shows the procedures result, the surface crack length 2c in mm with respect to the load
cycle number. Crack number one actually initiated at two different positions and merged just a few
thousand load cycles before final fracture. Figure 12a shows the image of the first step at 60,000 load
cycles with marked crack number one in red and two in green dye. In this picture, the two separate
initiations of crack one are visible, which will merge within further crack growth. Figure 12b depicts
the image of the last step before fracture at 84,000 load cycles where crack one is already merged.
The respective fracture surface after 85,039 load cycles in Figure 12c gives a good opportunity to verify
the result. Here, the two initiation points within the left crack are clearly visible. Furthermore, all three
crack initiation points are located at local undercuts, which are indicated in the figure.

 

 

Figure 11. Surface crack length 2c over load cycle number N.

3.3. Validation of the Procedure

The procedure for crack detection and tracking presented in this section is based on estimations
and parameters, which are assessed empirically. Therefore, the procedure requires a validation process
in order to prove, that the assessed crack length is properly evaluated. This is of importance, as the
result not only includes the presence of a crack but also provides the absolute surface crack length
value in millimetres.

Two different approaches are used for validation. The first, more comprehensive test includes
block load testing of a notched specimen in order to create beach marks at the fracture surface, which
can be easily compared to the procedures result. The second approach is based on fracture surfaces of
welded specimens exhibiting a second not through-crack, whose measurements can be compared to
the procedure’s results as well.
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Figure 12. Position and extension of determined cracks marked at specimen surface and comparison of
the crack identification procedures result with the final fracture surface: (a) N = 60,000; (b) N = 84,000;
(c) fracture surface at Nf = 85,039 with three clearly visible crack initiation points.

3.3.1. Beach Marks

The first validation approach utilizes beach marks at a fracture surface as basis for comparison.
Therefore, a block load fatigue test is performed using a notched specimen made of 10 mm S355
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construction steel. The spark-eroded semi-elliptical notch placed at the centre of the 40 mm wide
specimen exhibits a depth of 1 mm and a surface length of 2.5 mm and acts as initial crack. The block
load test consists of alternating sequences of 20,000 load cycles at an upper level ∆σ = 250 MPa and a
lower level of ∆σ = 150 MPa at a constant stress ratio of R = 0.1. Therefore, crack propagation rates
vary for each block, which appears at the fracture surface. Further details on specimen geometry and
experimental procedure are given in [61]. During fatigue testing, an image is acquired every 5000 load
cycles corresponding to a number of four images per block.

After the fatigue test, a high-resolution image of the fracture surface is acquired. In total, six beach
marks have enough contrast to ensure a reliable measurement. Figure 13a shows the fracture surface
of the block load test including the measurement results. The result of the crack detection and tracking
procedure is plotted in Figure 13b; additionally, the measurement results are shown as horizontal lines.
Table 3 shows the according numbers including the percentage difference. The comparison between
measurement and assessment leads to very satisfactory results, the deviation for all assessed beach
marks is less than two percent. This confirms the set of parameters used for the image correlation and
crack detection procedure.

 

Δσ
Δσ
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(b) 

−
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Figure 13. Comparison of beach marks length and assessed crack length: (a) Fracture surface with the
surface length measurement of visible bench marks; (b) development of the crack length over the load
cycle number.
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Table 3. Comparison between the measured and assessed surface crack length.

Beach Mark Measured Crack
Length 2c (mm)

Assessed Crack
Length 2c (mm)

Deviation
(%)No. N (–)

1 740,000 17.94 18.23 1,62
2 700,000 11.98 11.97 −0,08
3 660,000 9.52 9.52 0
4 620,000 8.00 7.92 −1.00
5 580,000 6.84 6.72 −1.75
6 540,000 6.00 6.00 0

At this point it should be noted that the crack propagation of this specimen starts at both ends
of the semi-elliptical notch nearly at the same load cycle number. Especially during low load blocks,
the procedure detects these two cracks separately, neglecting the presence of the notch in between.
Therefore, the assessed surface crack length in such cases is about the surface length of the notch
smaller than the total tip to tip length. This explains the behaviour of the surface crack length trace in
Figure 13b jumping up to a load cycle number of 480,000.

3.3.2. Fracture Surfaces

The second part of the method’s validation utilizes separate, not-through base plate thickness
cracks in the fracture surface. The fracture-causing crack itself is not suitable for a comparison with the
calculated value, as the transition zone from stable crack propagation to rupture is vague. This inhibits
a precise measurement of the final surface crack length. The number of such separated, not-through
cracks is limited and takes place preferably in high load levels, where the tendency for multi-crack
initiation is higher. However, two suitable fracture surfaces are available for validation within the
present test series (see Figure 14).

 

 

(a) 

 

(b) 

Δσ
Δσ

  

 

Figure 14. Fracture surfaces used for validation of the calculated crack length: (a) Specimen 1; ∆σn =

400 MPa, Nf = 85,039; (b) specimen 2; ∆σn = 600 MPa, Nf = 30,871.

The measurement of the actual crack length in the fracture surface is performed utilizing a
Matlab©-tool introduced in [25]. The script fits a semi-ellipse to a number of points manually selected
in the image using a non-linear fitting algorithm. Figure 15 displays the result of the fitting procedure
for both specimens including the crack measures. Hereby, the shape of the crack in Figure 15a fits the
semi-ellipse quite well, whereas the smaller crack in Figure 15b deviates from the semi-elliptical shape
considerably. However, the surface length is assessed properly.
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Figure 15. Measurement of not-through crack size by fitting a semi-ellipse: (a) Specimen 1; (b)
specimen 2.

Due to the strategy of the presented crack detection procedure, the measurement of the surface
crack length cannot be performed at burst fracture. Thus, quadratic extrapolation from the last four
measurement results up to the number of load cycles at burst fracture is performed. This assumption
could lead to an underestimation of the actual crack length. However, it delivers sufficient accuracy
and does not require any local material parameters affecting the extrapolation.

Table 4 presents the calculated surface crack length with respect to load cycle numbers for
both investigated cracks including the extrapolated values at burst fracture. The measured values
originating from the fracture surface are listed as well for direct comparison. Hereby, the actual surface
crack length exceeds the extrapolated values of about 2% in both cases. This, once more, validates the
approach and the determined parameters of the crack detection and tracking procedure.

Table 4. Crack propagation of selected not-through cracks and comparison to fracture surface
measurement.

Specimen 1 Specimen 2

Number of
Load Cycles

N (–)

Assessed
Crack Length

2c (mm)

Measured Crack
Length 2c after

Final Rupture (mm)

Number of
Load Cycles

N (–)

Assessed
Crack Length

2c (mm)

Measured Crack
Length 2c after

Final Rupture (mm)

60,000 1.41

7.76

20,000 -

3.70

62,000 2.31 22,000 -
64,000 2.56 24,000 1.19
66,000 2.70 26,000 1.70
68,000 2.95 28,000 2.39
70,000 3.34 30,000 3.24
72,000 3.59 30,871 3.67 *
74,000 3.98
76,000 4.24
78,000 4.49
80,000 5.01
82,000 5.65
84,000 6.93
85,039 7.66 *

* Quadratic extrapolation.

4. Fatigue Assessment

This section assesses the fatigue life of welded ultra high-strength steel butt joints and evaluates
the effect of undercuts.
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4.1. Neuber’s Stress Averaging Method

The stress averaging method proposed by Neuber utilizes the microstructural support length ρ*

in regard to microstructural support. As already stated in Section 1, suggestions for this parameter
often deviate from determinations using the lowest scatter-band of the resultant S-N curve as a key
factor, especially in the case of welded specimens.

The local stress distribution at the weld toe and its trace in depth is well known due to surface
topology scans and subsequent numerical analysis of this geometry of all ten specimens (see [47,51]).
The values for the effective stress σeff(ρ

*) and the corresponding fatigue notch factor Kf(ρ*) are calculated
for each specimen at the respective points of crack initiation. The required stress distribution in depth
σ(x) is taken from the numerical analysis of the actual specimen’s weld topography. Hereby, the value
of ρ* is varied in order to obtain the S-N curve with minimum scatter-band, where a minimum value
of ρ* = 0.1 mm must be maintained due to the mesh seed of about 30 µm in depth. Figure 16 shows
the development of the consequential S-N curves for specimen fracture with varying ρ* including
the PS = 97.7% line of the statistical evaluation. Additionally, the curves for nominal stress ∆σn and
notch stress ∆σnotch using the individual stress concentration factors Kt are displayed. The result of the
statistical evaluation for crack initiation and total fatigue life for effective notch stress using selected
values of ρ* as well as nominal and notch stress are listed in Table 5; Table 6 provides the corresponding
data for each specimen.
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Figure 16. S-N curves for specimen fracture depending upon the microstructural support length ρ*.

Table 5. Statistical evaluation for crack initiation and total fatigue life.

Evaluation Method
Crack Initiation Burst Fracture

Slope
k (–)

FAT Value
(MPa)

Scatter Index
1:Tσ (–)

Slope
k (–)

FAT Value
(MPa)

Scatter Index
1:Tσ (–)

Nominal stress 4.43 160 1.30 4.20 176 1.29
Eff. notch stress (ρ* = 0.4 mm) 4.68 307 1.16 4.46 337 1.15
Eff. notch stress (ρ* = 0.3 mm) 4.68 340 1.14 4.45 372 1.13
Eff. notch stress (ρ* = 0.2 mm) 4.66 392 1.11 4.44 427 1.10
Eff. notch stress (ρ* = 0.13 mm) 4.64 452 1.09 4.43 489 1.09
Eff. notch stress (ρ* = 0.1 mm) 4.62 489 1.08 4.43 523 1.10

Notch stress (Kt) 4.37 626 1.41 4.38 650 1.51
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Table 6. Overview on local stress concentration and fatigue test data for each crack initiation point.

Specimen No. Kt (–)
Kf (–) ∆σeff

(MPa) Nth (–) Nf (–) Nth /Nf

(%)ρ = 0.10 mm ρ = 0.13 mm

1
3.93 2.60 2.42 1453.5 10,000 23,497 43
4.50 2.69 2.49 1492.2 10,520 - -

2 3.37 2.36 2.21 884.5 142,840 199,292 71
3 3.97 2.60 2.40 479.8 1601,800 2281,981 70

4
5.61 2.89 2.63 1052.6 52,650 85,039 53
4.75 2.83 2.60 1039.5 58,530 - -
4.45 2.71 2.50 1001.2 67,580 - -

5 5.82 2.80 2.57 513.6 1596,300 2873,617 52
6 3.50 2.33 2.20 660.0 635,190 728,340 87
7 3.92 2.36 2.21 441.5 2610,560 3958,013 67

8
3.33 2.24 2.10 1259.4 24,000 37,839 66
4.60 2.40 2.20 1322.7 19,330 - -

9 3.81 2.49 2.30 1378.7 13,790 25,060 52
10 4.61 3.06 2.84 852.9 155,070 232,717 67

Figure 17 illustrates the development of the S-N curves slope k, scatter-band 1:Tσ and the fatigue
class FAT of crack initiation fatigue life (a) and total fatigue life (b) with respect to ρ*. Thereby,
the statistical evaluation of the resulting S-N curves according to [48] is performed separately for each
selected ρ*. In the case of technical crack initiation, the least scattering is obtained by the minimum
evaluated microstructural support length of ρ* = 0.1 mm. The least scattering for total fatigue life is
reached by ρ* = 0.13 mm. In both cases, the consequential scatter-band shows very low values of 1:Tσ
= 1.081 and 1:Tσ = 1.088. This result corresponds to the findings in [40], where a similar procedure
yields in a stress averaging length of ρ* = 0.05–0.1 mm for the minimum scatter-band. Whereas the
slope of the evaluated S-N curve s remains rather constant, the FAT value naturally increases with
decreasing averaging length. In Figure 18, the resulting effective S-N curve is pictured showing a
significant decrease in scattering compared to the nominal stress results in Figure 2.
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Figure 17. Development of slope, scatter index and FAT value with microstructural support length;
(a) Crack initiation; (b) burst fracture.
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Figure 18. S-N curve including crack initiation life and cycles to final rupture of all investigated
specimens.

4.2. Crack Initiation and Propagation Life

The procedure for optical crack detection and tracking presented in Section 3 allows a separation
of the crack initiation life from the total fatigue life until burst fracture. However, the method’s
main result is the surface crack length 2c, whereas the crack depth a is of importance for specimen
failure. Therefore, a formula for the crack aspect ratio a/c given in [62] is applied (see Equation (5)).
This expression was derived from fillet weld toes by fitting of experimental data, but according to the
authors, it can be conservatively used for butt welds as well.

2c = −0.27 + 6.34·a for 0.1 mm < a < 3 mm (5)

The threshold crack depth defining the line between crack initiation and crack propagation life is
set to ath = 0.5 mm for all investigated specimens [3,4,63]. According to Equation (5), the corresponding
surface crack length is 2c = 2.9 mm, giving a rather low crack aspect ratio of a/c = 0.345. This value is
quite comprehensible, as the local stress concentration at the weld toe decreases rapidly in the sheet
thickness direction and therefore encourages the crack to grow in the surface direction first [64,65].
The fracture surface in Figure 14b exhibits a small crack on the left hand side marked by a yellow
arrow exhibiting a very low aspect ratio. A detailed measurement reveals an aspect ratio of a/c = 0.35

validating the result of Equation (5) for the present case. The crack detection procedure delivers the
surface crack length in quite coarse steps of load cycle numbers. In order to determine the according
threshold load cycle number Ninit for ath, linear interpolation is applied.

Figure 18 shows the effective notch S-N curve using ρ* = 0.13 mm of specimen failure in blue
dye and crack initiation with ath = 0.5 mm in green dye. Table 6 summarizes the effective notch stress
fatigue test data. Furthermore, the statistical evaluation including lines of 50% and 97.7% probability of
survival are depicted. Some specimens exhibit more than one propagating crack leading to a number
of fourteen crack initiation points of ten specimens. In such cases, the effective notch stress values are
evaluated at the respective position of the crack initiation points of the particular specimen.

Figure 19 displays the portion of crack initiation life for the ten through cracks with respect to the
effective notch stress range. Hereby, the portion of crack propagation life goes along with increasing
stress range although large scatter is observed. However, the technical crack initiation phase seems
to be the major portion of the fatigue life. In this context, Equation (6) presents a formula for the
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trace of the crack propagation fraction based on the statistical evaluation of the test results for crack
initiation (index init) and burst fracture (index f ). The consequential equation is a power law with basis
∆σ and the difference of the slopes of the S-N curves as the exponent are applicable for varying the
probabilities of survival. However, the scatter indices in the present case are nearly identical causing
the equation to be almost independent of the employed probability of survival PS-value. The result of
Equation (6) is depicted in Figure 19 for PS = 97.7%.

Ninit

N f
(∆σ) =

NFAT·
(

FATinit
∆σ

)kinit

NFAT·
(

FAT f

∆σ

)k f
=

(FATinit)
kinit

(

FAT f

)k f
·(∆σ)k f−kinit = const·(∆σ)k f−kinit (6)
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Figure 19. The fraction of the crack initiation life in total fatigue life over the effective notch stress range.

4.3. Assessment of Crack Propagation Life by Fracture Mechanics

The concluding part of this work deals with the calculation of the stable crack propagation life
for all specimens using linear fracture mechanics according to the Paris law. Thereby, each crack
initiation point of every specimen is processed using the data presented within this work. Subsequently,
the results are compared to the actual fatigue test results.

Two approaches are pursued in this section:

1. Start of calculation at the previously determined threshold load cycle number Nth with an initial
crack length of ainit = ath = 0.5 mm.

2. Calculation from the test start with an initial crack length of ainit = u + 0.1 mm as recommended
in [38].

For each of these two approaches three different sets of crack propagation parameters for the Paris
law are utilized:

1. S1100 base material determined in Section 2.2.;
2. IIW parameters for welds suggested in [38]; and
3. Best fit parameters resulting by a least square fit of the fatigue test results.

The following three subsections give a comprehensive insight in the applied crack propagation
methodology invoking the weight function approach and local geometry-dependent stress distribution
approximation formulae.
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4.3.1. Crack Propagation Analysis

If the crack initiation phase of a component is significantly exceeded, the fatigue assessment of a
structure cannot be continued with stress-based approaches. Thereby, the fatigue action at a crack tip
is described by the stress intensity factor (SIF) range ∆K (see Equation (7)). The crack propagation rate
for each load cycle is then calculated by crack propagation laws, such as the Paris law (see Equation (4)
and [56]).

∆K = ∆σ·
√
π·a·Y(a, c) (7)

The stress intensity factor strongly depends on crack configuration and geometrical shapes which
are considered by a correction function Y(a,c). For standardized crack configurations and load cases,
parametric formulae have been published (see, e.g., [66,67]).

4.3.2. Weight Functions Approach

The idea behind this technique [68–70] is to split a given random stress distribution σ(x) into
differential pairs of unit forces opening the crack. The weight function m(x, a) then describes the effect
of each differential force on the crack. The stress intensity factor for a given crack length a is, thus,
an integration over the crack length (see Equations (8) and (9)). This procedure can be applied for the
deepest point ‘a’ and the surface points ‘c’ of a crack by application of the appropriate weight function.
In [69], general forms for the weight functions for semi-elliptical surface cracks in plates with finite
thickness are published (see Equations (10) and (11)). Figure 20 provides an overview on the crack
geometry parameters and the stress distribution at the weld toe due to axial loading.

Ka =

∫ a

0
σ(x)·ma(x, a)dx f or the deepest point ′a′ o f a crack (8)

Kc =

∫ a

0
σ(x)·mc(x, a)dx f or the sur f ace point ′c′ o f a crack (9)
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The determination of the parameters M1a–M3a and M1c–M3c is covered by many publications
for various crack shapes. A sound approach is provided in [69]. However, [71] offers a refined set of
formulas enabling a wider range of crack proportions; therefore, these are selected for the present work.
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Figure 20. Sketch of the weld geometry including weld and crack geometry parameters.
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4.3.3. Stress Distribution

A precise formulation of the local stress distribution in depth σ(x) constitutes an important aspect
concerning the proper assessment of the individual stress intensity factors. In [72] an approximation
for the stress concentration factor is presented based on the local weld toe radius ρ, the flank angle
θ and the sheet thickness t (see Equation (12) and Figure 20). Furthermore, a topology-dependent
solution for the stress distribution in depth is shown in [73]. Equation (13) presents the main part
of this approximation for pure tension loading. Details for parameter Gm, a correction for the stress
distribution away from the stress peak, can be found in the cited work. This set of equations is also
referred to and listed in the IIW recommendations [38].

KtHall(ρ,θ, t) = 1 + 0.388·θ0.37·
(ρ

t
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4.3.4. Calculation of Crack Propagation

The methods and approaches presented previously in this section allow an individual calculation
of the crack propagation for each point of the specimen under consideration of the local weld toe
topography. Thereby, the progress of crack length with load cycle numbers a(N) is calculated by
numerical integration of Equation (4) with step size ∆N (see Equation (14)). Within this procedure,
the stress intensity factor value ∆K has to be recalculated after each step upon the current crack length
value a(N). The value of ∆N is made dependent on the respective number of Nf to ensure at least fifty
steps to a final crack length a f = 0.9t where burst fracture is assumed.

a(N + ∆N) = a(N) + CP·∆K[a(N)]mP ·∆N (14)

4.3.5. Determination of “Best Fit” Parameters for the Paris Power Law

In addition to the existing material parameters for the S1100 base material and the suggestions
according to IIW, an additional set of parameters is determined by best fit to the fatigue test results.
This set is characterised by the minimum sum of squared errors, SSE (see Equation (15)). Thereby,
the difference of the log values of the calculated and experimental load cycle numbers is used, otherwise
high load cycle numbers would be overweighted. The linear elastic crack propagation parameters CP

and mP are varied within a meaningful range of 1× 10−13 ≤ CP ≤ 1× 10−7 and 1.5 ≤ mP ≤ 3.

SSE =
∑

(

log10 N f _calc − log10 N f

)2
(15)

4.3.6. Crack Propagation Results

The outcome for cases 1–3, where the crack propagation calculation starts at the determined crack
initiation point at a crack length of ainit = 0.5 mm, is illustrated in Figure 21. Case 1 one employs the
crack propagation parameters of the S1100 base material. The IIW parameters for welded joints in
case 2 deliver a conservative approach across all considered specimens. In general, the use of these
parameters leads to a very short crack propagation phase. The application of the S1100 base material
parameters in case 1 leads to a non-conservative assessment for specimens with burst fracture below
1 × 105 load cycles. Naturally, the best fit parameters show the best accordance, as expected. Hereby,
the exponent mP is similar, but CP is about three times smaller compared to the IIW values. Interestingly,
all three parameter sets underestimate the crack propagation phase of the three specimens with the
burst fracture above one million load cycles, significantly.

151



Appl. Sci. 2019, 9, 4590
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Figure 21. S-N curve of crack propagation calculation starting at crack initiation.

The results of cases 4–6, where the crack initiation phase is neglected, are shown in Figure 22.
As already expected based on the previous results, the IIW recommendation in case 5 leads to a very
conservative assessment. The use of the S1100 base material parameters in case 4 results in a very
steep S-N curve with a slope of just k = 1.7. Here, the specimens exposed to the highest effective
notch stress are assessed quite well, but the assessment becomes more and more conservative with
the decreasing effective notch stress near to the level of case 5. The best fit parameters reveal once
more the best accordance, naturally. However, the assessment is non-conservative for specimens with
a burst fracture below 2×105 load cycles.

 

 

σ

ρ
ρ

Figure 22. S-N curve of crack propagation calculation from the start.

Table 7 provides an overview on the parameters of the investigated cases. Furthermore, the
resulting SSE as well as the result of the statistical evaluation of the consequential S-N curve for each
case is shown.
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Table 7. Summary of the investigated crack propagation cases including the statistical evaluation of
the consequential S-N curves.

Start Crack
Length

ainit (mm)

Start Load
Cycle Number

Nstart (–)

Parameters for Paris Law
SSE
(–)

Statistical Evaluation of S-N Curve

Material CP mP
Slope
k (–)

FAT Value
(MPa)

Scatter Index
1:Tσ (–)

Case 1 0.5 Nth S1100 8.35×10−10 1.72 0.141 3.80 453 1.077
Case 2 0.5 Nth IIW 5.21×10−13 3.00 0.259 4.47 458 1.076
Case 3 0.5 Nth Best fit 1.78×10−13 2.90 0.065 4.17 467 1.084
Case 4 u + 0.1 0 S1100 8.35×10−10 1.72 6.710 1.73 92 1.239
Case 5 u + 0.1 0 IIW 5.21×10−13 3.00 14.251 3.03 147 1.243
Case 6 u + 0.1 0 Best fit 1.00×10−13 2.85 0.985 2.92 339 1.255

5. Summary and Conclusions

This study deals with the determination of the crack initiation fatigue life and the subsequent
macroscopic stable crack propagation life during fatigue tests of ultra high-strength steel S1100 butt
joints exhibiting noticeable local undercuts. The underlying experiments show a drop of about 15%

in fatigue strength if undercuts are present whereas the inverse slope of about k = 4 remains almost
unchanged. Furthermore, a large scattering of the fatigue strength with the size and shape of the
undercut is observed. However, the decrease is not as pronounced as one would expect based on the
evaluated stress concentration factors using finite element analysis. Here, previous work in [47,51]
revealed a Kt of about 1.9–2.5 for regions without undercut compared to values for Kt from 3.5–5.4 for
local undercuts.

One main part of this work is the introduction of a simple and cost-effective procedure to determine
the crack size during specimen fatigue testing. Therefore, a DSLR-camera is utilized to take pictures
of the weld surface in specified intervals. In order to ensure comparable situations for each photo,
the fatigue test is interrupted and the upper force is applied to the specimen. An implemented
digital image correlation procedure compares each picture with the initial state and calculates the
consequential distortion field. Excessive distortions are then identified as crack and monitored until
specimen burst rupture. The procedure subsequently provides a load cycle versus surface crack
length for each crack within the defined area. The related crack depth is additionally calculated using
equations from the literature enabling the determination of a crack initiation load cycle number at a
specified crack depth.

Neuber’s stress averaging method is utilized to calculate the effective notch stress range for
each specimen. Therefore, the results of FE-analyses for each specimen based on the measured weld
geometry are taken. Hereby, values of the microstructural support length of ρ* = 0.1 mm for technical
crack initiation and ρ * = 0.13 mm for burst fracture are obtained for minimum scattering regression
analysis. These results show good accordance with the published results for similar steel grades.

The second part deals with the application of the presented crack detection procedure on the
fatigue tests. It reveals a comparably high portion of crack initiation phase of more than 50% fatigue
life even though only specimens with undercuts are evaluated. Basically, the cycles to crack initiation
tend to decrease with the increasing effective notch stress range, but quite high scattering is observed.

Finally, a linear elastic crack propagation calculation is performed. The base material featured
parameters for the Paris law by SENT-testing. As expected, these show a significant deviation from the
suggestions according to IIW for welded joints. However, the evaluated base material S1100 parameters
match published results for similar steel types and grades. The crack propagation assessment is started
either at the number of cycles to crack initiation, determined with the presented optical detection
procedure, or the assessment is carried out from the start of the fatigue test. Furthermore, three different
sets of material parameters are used for the case study. The main conclusion of this investigation is
that the crack initiation phase is not neglectable. Otherwise, the assessment tends to deliver very
conservative results, especially for welds in the high-cycle fatigue domain above one million load
cycles. In detail, the material parameters obtained by the IIW recommendation consistently leads to
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conservative results. If the crack initiation phase is considered, the derived FAT value is just 6 MPa,
or 1% higher than the FAT value of the crack initiation S-N curve. Compared to the fracture FAT value,
this corresponds to a deviation of −7%. In the case of crack calculation from the start, the result is far
more conservative, with a deviation of about −70%. The usage of the base material parameter set
delivers non-conservative results for very high effective notch stresses and conservative results for the
high-cycle domain. The derived FAT values show similar deviation to the fatigue test result as the
evaluations using the IIW-parameters.

Summing up, the provided methodology gives additional insight into the crack initiation and
propagation behaviour of high-quality welded butt joints and can act as the basis to compare other
steel grades in regard to quality measures, such as undercuts on fatigue testing and crack growth.
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Nomenclature

a Crack depth (mm)
a f Final crack depth for crack propagation calculation (mm)
ainit Initial crack depth for crack propagation calculation (mm)
ath Threshold crack depth between crack initiation and propagation (mm)
a/c Crack aspect ratio (–)
c Half surface crack length, half width of elliptical crack (mm)
CP Crack growth rate coefficient according to Paris law (∆K in MPa

√
mm; da/dN in mm/cycle)

E Young’s modulus (MPa)
FAT Fatigue class according to IIW, stress range ∆σ at N = 2·106 load cycles and PS = 97.7% (MPa)
K Stress intensity factor (MPa

√
mm)

K f Fatigue notch factor (–)
Kt Stress concentration factor (–)
k Inverse slope of S/N-curve (–)
Ma Weight function parameters for deepest point of a surface crack
ma(x, a) Weight function for deepest point of surface crack
Mc Weight function parameters for surface point of a surface crack
mc(x, a) Weight function for surface point of surface crack
mp Slope of crack growth rate curve according to Paris law (–)
N Load cycle number (–)
N f Load cycle number at specimen burst fracture (–)
Ninitial Load cycle number before start of image acquisition (–)
Ninterval Interval load cycle number between two image acquisitions (–)
Ninit Load cycle number at crack length ath, threshold between crack initiation and propagation (–)
Ncp Load cycle number of crack propagation until burst fracture (–)
Nk Transition knee point of S/N-curve (–)
PS Probability of survival (–)
R Load stress ratio (–)
sy Displacement in y-direction (specimen loading direction) (pixel)
s′y Gradient of displacement in y-direction (–)
s′y,thres Threshold for gradient of displacement in y-direction (–)
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SSE Sum of squared errors (–)
t Sheet thickness (mm)
1 : Tσ Scatter index of S/N-curve, ratio of stress range ∆σ at PS = 10% and PS = 90% (–)
ρ Weld toe radius (mm)
ρ∗ Microstructural support length (mm)
θ Weld flank angle (◦)
σ Stress (MPa)
Recurring indices
eff Effective value
n Nominal value
notch Notch value
∆ Range, difference of upper and lower value
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Abstract: Selective Laser Melting (SLM) is currently one of the more advanced manufacturing
and prototyping processes, allowing the 3D-printing of complex parts through the layer-by-layer
deposition of powder materials melted by laser. This work concerns the study of the fracture
toughness of maraging AISI 18Ni300 steel implants by SLM built over two different conventional
steels, AISI H13 and AISI 420, ranging the scan rate between 200 mm/s and 400 mm/s. The SLM
process creates an interface zone between the conventional steel and the laser melted implant in
the final form of compact tension (CT) samples, where the hardness is higher than the 3D-printed
material but lower than the conventional steel. Both fully 3D-printed series and 3D-printed implants
series produced at 200 mm/s of scan rate showed higher fracture toughness than the other series
built at 400 mm/s of scan rate due to a lower level of internal defects. An inexpressive variation of
fracture toughness was observed between the implanted series with the same parameters. The crack
growth path for all samples occurred in the limit of interface/3D-printed material zone and occurred
between laser melted layers.

Keywords: selective laser melting (SLM); maraging steel 300; fracture toughness; hybrid parts;
implanted parts

1. Introduction

Selective Laser Melting (SLM) refers to layer material addition techniques that allow the
generation of complex 3D-printed parts by selectively joining successive layers of powder material
on top of each other, using thermal energy supplied by a focused, computer-controlled laser beam.
This technology is a very high-energy process, as each layer of metal powder must be heated above
the melting point of the metal [1,2]. Moreover, this additive manufacturing process can provide for
complex geometry components, repair defects (as an alternative to laser welding [3]) and reconstruction
in the moulds industry. The SLM process is largely affected by parameters such as laser power, scan
speed rate, protective atmosphere, material used in the process and materials to joint, among others.
The wrong choice of these parameters can lead to a high porosity, bad adhesion between layers and a
materials interface which can decrease its mechanical behavior.

The literature reports an abundance of recent research about the morphologic and mechanical
properties of SLM steels. Kempen et al. [4] studied the microstructure and mechanical properties of
SLM 18Ni-300 steel and observed that a higher layer thickness and/or scan speed causes a decrease in
density. A cellular-dendritic growth mechanism in the solidification was observed where intercellular
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spacing is less than 1 µm which leads to an excellent strength and hardness in both as-produced and
age hardened conditions.

Casalino et al. [5] realized an experimental investigation and statistical optimization of the SLM
process in 18Ni300 maraging steel, where the correlation between the mechanical and density was
positive, and the surface roughness decreases with the energy density. Bai et al. [6] studied the
influence of parameters on SLM process and mechanical properties evolution of maraging steel 300.
Like previous authors, they prove the considerable influence of the scan rate, laser power and scan
spacing as regards the density of a part. Low power laser and high scan rate lead to a low density
produced part and high power laser and slow scan rate can achieve 99% of density in a produced part.
Casati et al. [7] also obtained 99.9% of relative density in cubic samples produced by SLM using gas
atomized H11 grade steel powder.

The presence of defects and microstructural heterogeneities creates uncertainty in mechanical
properties of SLM produced parts, which complexify their generalized use [8]. Moreover, high SLM
mechanical properties are required for structural materials applications. As is often reported in the
literature, SLM process affects the material properties due to residual stresses, defects or inherent
roughness of the surface [5,9–11].

The authors of Reference [12] studied the mechanical behavior of selective laser melting 18Ni300
steel specimens, concluding that a very high scan rate (400 or 600 mm/s) causes a high percentage of
porosity and a consequent drastic reduction of the tensile strength, stiffness and elongation at failure,
compared with the results obtained for a 200 mm/s scan rate. The fatigue crack propagation path
occurred predominantly in a transgranular direction, crossing the laser layer.

The growing direction and grain aspect ratio can lead to anisotropic behavior of SLM parts.
The loading direction, in respect to layer deposition plane and grain aspect ratio, plays an important
role in its mechanical properties. The effect of building orientation on tensile properties and fatigue
crack growth was studied by Suryawanshi et al. [13] and observed a lack of anisotropy for selective
laser melting 18Ni300 steel. Strong intra-layer bonding and the absence of dominant texture were the
reasons ascribed to this behavior. The same authors concluded that mechanical characteristics of aged
SLM are broadly similar to those reported for the aged maraging steel of the same grade.

On the other hand, Mazur et al. [14] verified that the tensile and fatigue behavior in mechanical
tests of SLM manufactured H13 specimens compared with the results to those conventionally produced
showed tensile strength of as-built specimens to be up to 30% lower than conventional material.
Fatigue strength was also significantly lower than reference data. These results were related to the high
roughness of the 3D-printed surface and the presence of high tensile residual stresses. Ackermann et
al. [15] realized impact tests in a three different conditions: 3D-printed, 3D-printed heat-treated and
conventional heat-treated specimens in H13 tool steel. These authors observed that the H13 steel is
so brittle and that it substantially limits direct use of the printed part. Proper heat treatment must be
carried out after SLM process in order to obtain desired properties.

Studies regarding hybrid parts are not common. Cyr et al. [16] studied the fracture behavior of
additively manufactured 18Ni300/H13 hybrid hard steels. These authors observed a presence of an
interface between the different steels. On the other hand, tensile tests of hybrid as-printed sample
show that the fracture occurs in the H13 steel, away from the interface. The authors of this research [17]
also studied the morphologic and fatigue strength of additively manufactured 18Ni300/H13 and
18Ni300/AISI420 hybrid samples. The presence of an interface between the different steels was also
observed. The fatigue strength has a lower influence due to the substrate (H13 or AISI420) and the
hybrid samples show a lower fatigue life when compared with the as-printed samples. Moreover,
the fatigue crack initiation, propagation and final fracture were localized in the as-printed material,
being different of the Cyr et al. [16] results because these authors used an untreated H13 steel in the
as-printed samples.

Campanelli et al. [18] studied 18Ni300 marage steel clads deposited onto an AISI 304 substrate.
These authors observed that the dilution with the substrate is as low as 10 to 28%, which warrants
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the adhesion of marage to AISI 304 steel, and they developed a statistical analysis and mathematical
model that can be used to select the process parameters to produce high-density parts, reaching a
average density value of 98.2%.

No publications about the fracture toughness of conventional steels with 18Ni300 steel implants
built by SLM were found in the literature, justifying the importance of the current investigation in
order to understand the influence on material fracture of the geometric shape, the presence of defects
and load mode. The results of this study can lead to a better understanding of mechanical design
and reliability of mechanical projects of conventional steels with 18Ni300 steel implants built by SLM.
Therefore, the main objective of this work is to study the fracture toughness of both fully 3D-printed
specimens and hybrid specimens composed of a conventional steel substrate and a steel implant, both
3D-printed by SLM.

2. Material and Methods

2.1. Materials and Specimens Manufacturing

The specimens used in this research were the Compact Tension type (CT), manufactured with
SLM parts growing in load direction. Figure 1 shows the geometry and main dimensions of the
specimens and a schematic view of the hybrid samples.

  

Figure 1. Specimen geometry, dimensions and schematic view of the hybrid parts (dimensions in mm).

Three different kind of specimens were manufactured for this study: fully 3D-printed sample
using recycled powder of AISI 18Ni300 steel (SM) of which the average particle diameter ranges
between 0.01–0.056 mm and two hybrid samples, for which half specimen was a conventional machined
steel and the remaining was a steel implant built by SLM using the maraging AISI 18Ni300 previously
referred. The two steel substrates were the tempered AISI H13 steel (HS/SM) and the stainless steel
AISI 420, both machined by conventional processes (SS/SM). Specimens with 6 and 3 mm thickness
were produced with notches open by wire EDM (Electrical discharge machining) centered in the
interface zone. Table 1 presents the main chemical composition according to the manufacturer, for the
three steels. Table 2 presents tensile test results for SS/SM, HS/SM and SM samples, obtained by the
authors [17] using round specimens with 4 mm of diameter according to ASTM E8/E8M-16a [19].
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Table 1. Chemical composition of steels (CM-Conventional Manufacturing). Reproduced with the
permission from [17], copyright Elsevier, 2016.

Steel C Ni Co V Mo Ti Al Cr P Si Mn Fe

18Ni300 (powder) 0.01 18.2 9.0 - 5.0 0.6 0.05 0.3 0.01 0.1 0.04 Balance
AISI H13 (CM) 0.4 - - 0.94 1.30 - - 5.29 0.017 1.05 0.036 Balance
AISI 420 (CM) 0.37 - - 0.17 - - - 14.22 0.021 0.64 0.037 Balance

Table 2. Tensile properties for SS/SM, HS/SM and SM specimens. Reproduced with the permission
from [17], copyright Elsevier, 2016.

Specimen SM SS/SM HS/SM

Scan rate (mm/s) 200 400 200 400 200 400
Ultimate Tensile Stress [MPa] 1147 1032 1135 1000 1146 1000

Yield stress [MPa] 1000 910 1115 900 1125 900
Extension at break [%] 6 2.2 3.6 1.5 4.2 1.7

Young‘s modulus [GPa] 180 180 190 180 190 180

The 3D-printing was done by Lasercusing® process, in a “Concept Laser” equipment model
“M3 linear” using as an energy source a laser type Nd:YAG with a maximum power of 100 W in
continuous wave mode, a wavelength of 1064 nm and 0.2 mm of spot laser diameter. The samples
were manufactured using two scan rates, 200 and 400 mm/s, adding layers of 30 µm thickness
with hatch spacing of 100 µm and 25% overlapping, growing towards the direction corresponding
to the application of load in the mechanical tests. After manufacturing the specimens were
mechanically polished.

2.2. Fracture Toughness Tests

The fracture toughness tests were performed according to the BS 7448-3 standard [20] using
CT specimens in loading Mode I. Before the fracture toughness tests a fatigue pre-crack was created
at room temperature in an Instron Electroplus machine under constant amplitude tensile loading
with sinusoidal load wave and stress ratio R = 0.05. In accordance with this standard, a pre-crack of
4 mm length was created from the notch, in order to comply with the two standard requirements:
the pre-crack has to be higher than 2.5% of the W parameter and greater than 1.3 mm from the notch.
The crack length was measured using a travelling microscope (45× of magnification) with an accuracy
of 10 µm, as shown in Figure 2.

μ
μ

μ

 

Figure 2. Pre-crack length measurement apparatus.

The fracture toughness tests were carried out in an Instron machine, model 4206, using a
displacement rate of 2 mm/min. The crack opening displacement was measured using an MTS clip
gauge model 632.02C-221 (MTS Systems, MN, USA) (range: −2.5 mm to 2.5 mm) fixed with an apparatus
especially created for this purpose. Figure 3 shows the CT sample and extensometer assembly.
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Figure 3. Sample-extensometer assembly.

The fracture toughness KIc, and the critical integral, Jc, were calculated according the BS 7448-3 [20]
standard through the Equations (1)–(4), respectively. Equation (5) was used for the validation of
the critical stress intensity factor values in Mode I loading (KIc) by the criteria of excessive plastic
deformation at the crack tip.
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where a0 = 14 mm is the crack length, W the distance indicated in Figure 1, B is the sample thick, FQ is a
particular load value determined from the fracture test chart, Up correspond to the plastic component
of the area under load vs. elongation curve, E is the Young modulus, ν the Poisson coefficient and F is
the maximum load.

Complementary analyses were performed to characterize the microstructure and the fracture
mechanisms. The metallographic and crack morphologic analysis before and after the fracture tests
were performed according to the ASTM E3 standard metallographic practice [21], being used for
etching a solution composed of 4 g of picric acid, 1 mL of hydrochloric acid (HCL) and 95 mL ethyl
alcohol. Afterwards, the samples were observed through an optical microscope Leica DM4000 M LED.
The hardness tests were performed using a Struers Type Duramin-1 microhardness tester, with a load
of 10 N during 15 s, according to the ASTM E 384 standard [22]. The local chemical compositions were
obtained through the energy dispersive X-ray spectroscopy analysis. Finally, fractured surfaces of the
broken surfaces and the interfaces of the specimens were analyzed in a scanning electron microscope
(SEM) Philips® XL30 TMP.

3. Results and Discussion

3.1. Metallographic Analysis

Figure 4 shows the main microstructures in different regions for an SS/SM sample. Figure 4a
shows the microstructure for the AISI 420 steel being a ferritic structure with M23 C6 spherical
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carbides [23]. The interface between 3D-printed and conventional steel parts can be observed in
Figure 4b,c (marked by an arrow) showing decarbonisation, and a thickness between 40–50 µm.
Figure 4d reveals a martensitic microstructure for the 3D-printed half [24].

Similar analysis was carried out for HS/SM samples, as shown in Figure 5. The AISI H13 shows a
tempered martensitic structure [25], as can be seen in Figure 5a. In this sample, the interface is not
clearly identified, but is possible to note a different appearance between the 3D-printed material near
the AISI H13 steel and the 3D-printed material distant from the interface (both zones are marked by
arrows in Figure 5b). This variation in appearance is due to some decarbonisation, as observed in the
previous sample.

The analysis by EDS (Energy-dispersive X-ray spectroscopy) of the chemical composition in the
interface reveals that this is identical for both kinds of samples. Figure 6 presents an exemplary plot of
the chemical composition for the interface of hybrid sample HS/SM 3D-printed with 200 mm/s of
scan rate, where the Ni choice can be identified, which is characteristic for the 18Ni300 3D-printed
steel, and other common choices for steels, namely C and Fe, with low carbon contents.

μ

 

Figure 4. Metallographic analysis for SS/SM sample.

μ

 

Figure 5. Metallographic analysis for HS/SM sample.
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Figure 6. Chemical composition of the interface for hybrid sample HS/SM 3D-printed with 200 mm/s
scan rate.

3.2. Microhardness

Figure 7 shows the hardness profiles for the three series analyzed. Similar hardness values were
obtained for the 3D-printed half of about 330 HV1. The average hardness value of ten measurements
in the interface of about 450 HV1 is quite similar for both samples, being 452 HV1 for SS/SM and
446 HV1 for HS/SM series. This is an expected result since the chemical composition and cooling
rate during solidification in the interface of both series is similar. Finally, the AISI 420 steel presents a
higher hardness than AISI H13, 532 HV1 and 506 HV1, respectively.

 

Figure 7. Hardness profile for both hybrid sample series.

3.3. Fracture Tests: Load vs. Displacement Curves

Figure 8 shows exemplary load-displacement curves of fracture tests on fully 3D-printed
specimens. The identification of the curves is made according to the following code: the first number
correspond to scan rate (2 = 200 mm/s; 4 = 400 mm/s), the letters identify the material composition of
the sample, the subsequent two digits identifies the number of the specimen and the last digit is the
thickness in mm.

The analysis of Figure 8 shows, as expected, that the maximum loads are reached for the samples
with the greatest thickness (6 mm). On the other hand, 3D-printed specimens with a scan speed of
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400 mm/s have both lower maximum load and lower maximum displacement than the 3D-printed
specimens produced with a scan speed of 200 mm/s, which can be explained by the increase in internal
defects (porosities, unmelted powder, unmelted zones, among others) and a consequent decrease of
strength and ductility as was referred by References [11,12]. In addition, as is known, the thickness
has an important role in the material behavior. The lower stiffness associated with the reduction of
the thickness of the sample approximates the tests to a plane stress condition leading to a greater
plastic deformation, which may invalidate the determination of the fracture toughness in Mode I
(KIc). Therefore, for the 3 mm thick specimens it is necessary to use the critical value of the J Integral
parameter (JIc).

Figure 9 shows some of the curves obtained for HS/SM and SS/SM hybrids specimens, all
processed with a scan rate of 200 mm/s. From the analysis of the figure stands out a behavior similar
to the one observed in the previous figure, since the fracture occurs predominantly on the 3D-printed
side of the samples. However, in this case, the stiffness of HS/SM and SS/SM hybrids specimens with
6 mm thickness are very similar, leading to the conclusion that the fracture is mainly controlled by the
3D-printed part of the specimen. On the other hand, there is a greater dispersion of the maximum loads
for the HS/SM hybrids specimens. The interface of this specimens presents greater microstructural
heterogeneities between the 3D-printed material next to the interface with the AISI H13 steel and
the 3D-printed material distant from the interface (both zones are marked by arrows in Figure 5b).
As referred in the metallographic analysis (Section 3.1), this variation of microstructure is due to
some decarbonisation.
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3.4. Fracture Toughness

Tables 3–5 present the fracture toughness KQ, the validity condition for KQ = KIc and Jc, for entirely
3D-printed (SM) samples, and hybrid SS/SM and HS/SM samples, for the two different scan rates
(200 and 400 mm/s) and the two thickness values (3 and 6 mm). The results show that the majority
of tests lead to invalid fracture toughness tests, because the geometry of samples do not guarantee a
plain strain state, leading to an excessive plastic deformation at the crack tip. However, KQ increases
at least 10% when thickness decreases from 6 to 3 mm and the increase of the scan speed from 200
to 400 mm/s reduces KQ above 20%. Hybrid samples show a slightly lower toughness than fully
3D-printed specimens, reaching almost 10% for HS/SM specimens, which is caused by microstructural
variations at interface. The values of fracture toughness obtained in this work for the samples SM,
SS/SM and HS/SM 3D-printed at 200 mm/s scan speed rate and 3 mm of thickness, are similar to
those KQ values obtained for the steel H13 by J.M. Costa et al. [3] in laser deposit welding Nd-YAG
with 4 mm thick specimens (KQ = 79.08 ± 31.76 MPa.m1/2).

The effects of thickness, substrate material and scan speed on the Jc parameter is similar to
that observed for KQ, but with more pronounced trends. For the scan speed of 200 mm/s, Jc on
3 mm thickness samples decreases about 15% and 30% for SS/SM and HS/SM samples, respectively,
when compared with entirely 3D-printed specimens. The same comparison on Jc for 6 mm thickness
leads to toughness reductions of about 7% and 45% for SS/SM and HS/SM samples, respectively.
The increasing of the scan speed from 200 to 400 mm/s reduces about 50% the Jc values for both
3D-printed and hybrid samples.

Table 3. Fracture toughness tests results for SM specimens.

Sample
Reference

Valid
KQ = KIc

KQ

(MPa.m1/2)
Average KQ

(MPa.m1/2)
Jc (N/mm)

Average Jc
(N/mm)

Critical Crack,
ac (mm)

2SM01_3 No 72.99

80.17 ± 6.71

59.23
65.68 ±

5.35

31.26
2SM02_3 No 80.44 67.86 31.31
2SM03_3 Yes 90.85 73.26 31.11
2SM04_3 No 76.40 62.4 31.96

2SM13_6 No 76.38

72.85 ± 4.26

42.9

42.4 ± 2.5

29.39
2SM14_6 No 68.93 40.1 30.62
2SM15_6 No 77.77 46.3 31.03
2SM16_6 No 68.32 40.3 29.11

4SM05_6 No 49.22

55.42 ± 4.71

19.71
18.65 ±

4.10

29.65
4SM06_6 No 52.56 12.27 28.89
4SM07_6 No 60.71 23.71 30.23
4SM08_6 No 59.18 18.93 30.06

Table 4. Fracture toughness tests results for SS/SM specimens.

Sample
Reference

Valid
KQ = KIc

KQ

(MPa.m1/2)
Average KQ

(MPa.m1/2)
Jc (N/mm)

Average Jc
(N/mm)

Crack to Fracture, ac
(mm)

2SS/SM01_3 No 83.22

83.9 ± 1.1

48.9
55.82 ±

7.13

32.03
2SS/SM02_3 No 82.46 48.5 31.98
2SS/SM03_3 No 85.15 62.7 31.45
2SS/SM04_3 No 84.75 63.21 31.67

2SS/SM01_6 No 67.71
70.97 ± 2.55

41.14
39.02 ±

1.52

30.58
2SS/SM03_6 No 71.24 37.59 29.91
2SS/SM04_6 No 73.95 38.33 31.06

4SS/SM01_6 No 54.76

56.47 ± 2.36

17.08

19.56 ± 2.5

28.98
4SS/SM02_6 No 57.84 19.53 29.05
4SS/SM03_6 No 59.59 23.64 29.86
4SS/SM04_6 No 53.69 18.02 30.14
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Table 5. Fracture toughness tests results for HS/SM specimens.

Sample
Reference

Valid
KQ = KIc

KQ

(MPa.m1/2)
Average KQ

(MPa.m1/2)
Jc (N/mm)

Average Jc
(N/mm)

Crack to Fracture, ac
(mm)

2HS/SM01_3 No 73.93

73.66 ± 5.77

40.7
44.78 ±

16.17

32.13
2HS/SM02_3 No 81.7 71.55 32.98
2HS/SM03_3 No 73.03 38.71 30.47
2HS/SM04_3 No 65.99 28.17 30.51

2HS/SM01_6 No 61.54
65.41 ± 3.45

21.05
22.84 ± 4.1

28.58
2HS/SM03_6 No 64.77 24.9 29.71
2HS/SM04_6 No 69.91 17.24 30.03

The estimated KQ for the specimens built with 200 mm/s of scan rate and 6 mm thick showed
a decrease about 10% from the KIc value of the commercial steel grade 300 [18]. On the other hand,
the 3 mm thick samples presented similar values between the estimated KQ and the KIc value of the
commercial steel grade 300 [26] around 80 MPa.m1/2.

Santos et al. [12] show the level of defects observed in two samples produced with 200 mm/s and
400 mm/s of speed rate scan, respectively. It can be observed that the level of defects (area) increases
from 0.74% to 7.37% when the speed increases from 200 to 400 mm/s. Besides, the fracture toughness
decreases with the increase of scan speed rate, as previously mentioned (Table 5). Therefore, it can
lead to a conclusion that the fracture toughness of SLM maraging steel grade 300 is lower that the
commercial steel grade 300 produced by conventional processes, due to the internal defects (porosities,
unmelted powder, unmelted zones, among others) and their effects.

3.5. Fracture Surface Analysis

For a better understanding of the previous results, a microscopic analysis was carried out to
observe the fracture surfaces and crack growth path of the SM, SS/SM and HS/SM samples with
6 mm of thickness 3D-printed at 200 mm/s. Figure 10 illustrates the crack growth path for SS/SM
sample. Figure 10a shows that the fracture crack initiated and grew in the 3D-printed material near
the interface zone. Therefore, the samples tend to fail near the midplane of the notch plane at greater
microstructural heterogeneities and where the stresses are higher. The crack propagated in different
laser layers’ interfaces through internal defects as shown in Figure 10b. Figure 11 is a SEM image
of a SS/SM specimen showing the different laser directions between layers (marked by red arrows)
and the porosities defects (circumscribed by red circles); this figure confirms the failure at the laser
layers interfaces.

(a) 

 

(b) 

Figure 10. Crack growth path for SS/SM sample 3D-printed at 200 mm/s.
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Figure 12 shows the crack growth path for a HS/ST sample 6 mm thick 3D-printed at 200 mm/s.
Failure mechanisms are quite similar to those observed for SS/SM samples, but in this case the crack
grew along the limit between the interface material and the 3D-printed material (Figure 12a). The crack
path is determined by the variation of direction between laser layers, as illustrated in Figure 12b.

Figure 13 illustrates a SEM image of the fracture surface of HS/SM sample 6 mm tick 3D-printed
at 200 mm/s. This image shows: the directions of laser passes marked by arrows for different layers,
the porosity and the interstice between two different passes in the same directions (unmelted zone),
both marked by red ellipses forms. Comparing Figures 11 and 13, it can be concluded that the main
failure mechanisms are quite similar in both hybrid series, characterized by an interface failure between
adjacent laser layers, since the same 3D-printed material was deposed and the same parameters were
used in the SLM process.

 

Figure 11. Fracture surface of SS/SM sample 3D-printed at 200 mm/s.

(a) 

 

(b) 

Figure 12. Crack growth path for HS/SM sample 3D-printed at 200 mm/s.

 

Figure 13. Fracture surface of HS/SM sample 3D-printed at 200 mm/s.
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4. Conclusions

This work analyzed the fracture toughness performance for three different SLM 3D-printed
compositions using CT specimens with 3 and 6 mm of thickness: samples of fully 3D-printed steel
(maraging AISI 18Ni300), samples of AISI H13 with implant of 3D-printed maraging steel AISI 18Ni300
and samples of AISI 420 steel implant of 3D-printed maraging AISI 18Ni300. Two different scan rates
(200 mm/s and 400 mm/s) were used to build the different samples through the SLM process. It was
observed that a clear interface zone was created between 3D-printed and conventional steels by the
SLM process. This interface presented the same chemical composition and hardness values for both
ASI H13 and AISI 420 conventional steels. However, the interface showed a higher hardness than the
3D-printed material but lower than ASI H13 or AISI 420 steels. Additionally, the fracture toughness
values did not exhibit significant variations, when comparing the different series for the same scan
rate and thickness. Fracture toughness decreases when the sample thickness increases and fracture
toughness values presented a great agreement with other methods, namely laser welding with modern
Nd-YAG process. The SLM 18Ni300 maraging steel fracture toughness value is slightly lower when
compared to the commercial steel grade 300 because the internal defects produced by SLM have an
important role in decreasing the mechanical performance. Finally, the crack growth path for all hybrid
specimens was along the boundary between the interface zone and the 3D-printed steel, showing a
brittle mechanics fracture due to the defects produced by the SLM process.
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Featured Application: A novel material stress-strain characterization model is presented herein,
which is capable of precise and robust approximation of the full range of the nonlinear
hardening portion of the stress-strain curve, notwithstanding the presence of a yield plateau.
Parameterization of the stress-strain curve is, therefore, improved using two “shape“ constants,
and material behavior is easily incorporated in the test matrix for semi-empirical modeling of the
mechanical response of structural systems under various loading conditions.

Abstract: Pipelines typically exhibit significant inelastic deformation under various loading
conditions, making it imperative for limit state design to include considerations for the deformational
capacity of pipelines. The methods employed to achieve higher strength of API X80 line pipe
steels during the plate manufacturing process tend to increase the hardness of the pipe material,
albeit at the cost of ductility and strain hardenability. This study features a simple and robust
material stress-strain characterization model, which is able to mathematically characterize the
shape of a diverse range of stress-strain curves, even for materials with a distinct yield point
and an extended yield plateau. Extensive parametric finite element analysis is performed to
study the relationship between relevant parameters and the deformational capacity of API X80
pipelines subjected to uniform axial compression, uniform bending, and combined axial compression
and bending. Nonlinear regression analysis is employed to develop six nonlinear semi-empirical
equations for the critical limit strain, wherein the shape constants of the material model are adapted
as dimensionless parameters. The goodness-of-fit of the developed equations was graphically and
statistically evaluated, and excellent predictive accuracy was obtained for all six developed equations.

Keywords: buckling; critical limit strain; deformational capacity; nonlinear regression equation;
parametric analysis; semi-empirical model; shape constant; stress-strain model; X80 pipeline

1. Introduction

Pipelines are commonly used as the primary means for transmission of hydrocarbon fluids in
the energy industry, and for transportation of water resources in the public utility industry. Previous
investigations into the main causes of damages and loss of mechanical and structural integrity in
pipelines have highlighted the detrimental impacts of geological conditions or environmental actions
associated with various time-dependent thermomechanical phenomena, such as ground subsidence,
soil liquefaction and land sliding, discontinuous frost heave/ or thaw settlement, fault movement
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due to seismic action, etc. [1–3]. Large displacements tend to induce significant strains in the wall of
pipe segments, which may ultimately result in the failure of a pipeline either due to tensile rupture,
especially at welded regions, or due to bulging or wrinkling deformation of the pipe under the
influence of compressive stresses [4–6]. As a result of the inevitable requirement for pipelines to
traverse large geographical areas, a majority of pipelines in the onshore energy and public utility
industry are installed below the soil surface. It is observed that, compared to above-ground pipelines,
the mechanical behavior of buried pipelines is significantly influenced by the geophysical properties
of the surrounding soil. Hence, the intricacies of the mutual interaction between the pipe and the
surrounding soil are regarded as an important consideration in the design of buried continuous
pipelines [7–10].

The common consequence of ground movement and thermal buckling deformation on pipelines
is the experience of high longitudinal stresses and strains. Conventional pipeline design procedures
are generally based on an “allowable stress” concept, which aims to limit the resultant longitudinal
and circumferential stresses in pipelines, either due to load-controlled or displacement-controlled
conditions, to a prescribed fraction of the specified minimum yield strength (SMYS) of the pipe material.
Unfortunately, the allowable stress design (ASD) approach tends to be severely limited by its inability
to distinguish between stable and unstable failure modes, as well as between loss of serviceability
and loss of containment [11]. A strain-based design (SBD) approach has therefore been regarded
as more appropriate, and has been recently more adopted by various pipeline design standards
(e.g., API RP 1111 [12], DNV-OS-F101 [13], ABS 2006 [14], CSA Z-662 [15]) for design of pipelines
expected to experience high longitudinal strains caused by displacement-controlled environmental
and operational conditions in service [16,17]. SBD circumvents the inherent conservativeness of
the ASD approach by permitting a limited amount of plastic strain, while maintaining relevant
ultimate and serviceability limit state considerations. However, rather than consider the SBD and ASD
approaches as independent techniques, best design practice recommends the application of SBD as a
complementary tool to the more traditional ASD procedure [18]. SBD employs a limit state design
approach, whereby the in-service longitudinal tensile or compressive strain that a pipeline is expected
to experience due to displacement-controlled loading conditions (i.e., strain demand) is evaluated and
compared to the tolerable limit of strain which the pipeline has intrinsic ability to withstand (i.e., strain
capacity). Estimation of strain demand in pipelines typically involves a rigorous and often complex
process, which requires all-inclusive consideration of numerous interrelating factors related to various
environmental and geological conditions, and the pipe’s mechanical properties. The strain demand is
also highly dependent on a number of peculiar, and sometimes transient, environmental conditions,
making the development of deterministic prediction models difficult, and often necessitating the use
of probabilistic and reliability-based estimation techniques for the SBD [19,20]. Unlike strain demand,
evaluation of the strain capacity is essentially based on the inherent mechanical resistance of the pipe
segments and has relatively less dependency on external factors, hence analytical evaluation and
deterministic prediction of strain capacity is relatively more straightforward, as parameterization of
influencing factors for incorporation in the SBD is relatively less complicated.

Extensive studies have been conducted by a number of researchers to investigate the limit load
instability and deformational capacity of pipe segments, and cylindrical shells in general, subjected
to various loading conditions. The earliest recorded investigations on the buckling behavior of
pipe segments were analytical studies, known as the classical shell buckling theories, performed by
Lorenz [21], Timoshenko [22], and Southwell [23] at the inception of the 20th century, which focused
on deriving constitutive theoretical formulations for predicting the elastic critical buckling stress of
perfect isotropic cylindrical shells subjected to pure axial compression. Subsequent experimental and
analytical studies [24–28] pointed out some shortcomings of the classical shell buckling theories, and
prescribed the extension of the classical equations to include nonlinear large-deflection considerations,
as well as adequate characterization of material, geometric, and boundary characteristics. An analytical
study by Brazier [29] on the circumferential flattening mode of distortion (referred to as “ovalization”
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or “Brazier instability”) observed in an infinitely long, circular tube subjected to pure bending led to the
derivation of an expression for the limit moment. Brazier’s theory is based on the relationship between
the strain energy per unit tube length and the change in axial curvature, such that the limit moment
is directly related to the ovalization of the circular tube. Subsequent experimental studies [30–33],
however, indicate that bifurcation instability (buckling) in the form of longitudinal wrinkling or
bulging may precede the limit moment in pipes subjected to bending due to increase in axial stress on
the compression side of the pipe. Corona and Kyriakides [34] explained that bifurcation instability is
more likely to precede Brazier instability in “thinner” tubes, and vice versa in “thicker” tubes. They
further speculated that the transition between one preceding instability phenomenon and the other
occurs in the range of D/t (diameter/thickness) ratios between 35 and 45. Mathon and Limam [35]
performed statistical evaluation of results obtained from (1) experimental tests of circular tubes under
pure bending [36], (2) empirically-derived analytical formulations for cylinders under combined axial
compression and bending [37], and (3) semi-empirical derivation of the critical buckling stress for
pressurized circular tubes subjected to uniform bending [38]. They observed that the critical buckling
stress of cylinders under pure bending is generally between 20 to 60% higher, depending on the
diameter-to-thickness ratio (D/t ratio), than that of cylinders under pure axial compression.

Using a special-purpose non-linear finite element technique, Houliara and Karamanos [39] studied
the structural stability of long uniformly pressurized thin elastic tubular shells subjected to in-plane
bending. They observed that external overpressure reduces the buckling moment and corresponding
curvature but increases the buckling wavelength, whereas internal overpressure tends to increase the
buckling moment but reduce the cross-sectional ovalization and the buckling wavelength. Following a
systematic series of experiments and by Limam et al. [40] involving stainless steel tubes bent to failure
at fixed values of internal pressure, it was shown that cross-sectional ovalization and circumferential
extension occur simultaneously, due to bending and internal pressure, respectively. Ref. [40] also
performed computational simulation of the evolution of wrinkling and its eventual localization
using a finite element (FE) shell model, and observed that internal pressure tends to stabilize the
structure and increase the wavelength of the wrinkles, while also shifting the initiation of buckling
towards the plastic range of the material. Ref. [40] indicates that accurate simulation of the structural
stability of tubular shells requires accurate characterization of the nonlinear inelastic properties of
the material stress-strain behavior, including yield anisotropies, as well as adequate representation of
initial geometric imperfections. Highlighting the significant effect of the material properties on the
moment-curvature relationship, Ref. [34] established that for pipes with D/t ratios less than 200, the
mechanical and structural instabilities of the structure are strongly influenced by the interaction of the
induced ovalization and the plastic and nonlinear characteristics of the material.

This study focuses on the deformational capacity of high-strength API-X80 [41] grade pipelines
subjected to various loading conditions. The continuous increase in world energy demand has
compelled the hydrocarbon industry to venture into more remote and more environmentally hostile
environments in search of fossil fuels. This predicament necessitates the construction and operation of
pipelines with the best possible transport efficiency and at the lowest possible cost, therefore initiating
a tendency towards using line pipes of larger diameter or maintaining higher operational pressures.
High-strength steel grades provide the advantage of forming line pipes with high material yield
strength, thus reducing the wall thickness requirement for internal (or external; in the case of deep to
ultra-deep offshore environments) pressure containment [42]. Suzuki and Toyoda [43] explained that
the peak moment strain, and invariably the deformational capacity of line pipes, is strongly influenced
by the strain-hardening characteristics of the pipe material. In a numerical study of API-X100 line pipes
subjected to axial compression or bending moment, Suzuki et al. [44] pointed out that high-strength
pipe steels tend to have inferior strain hardening properties, and consequently lower deformational
capacity, compared to conventional pipeline steels of lower yield strength. However, results of a
few experimental studies have shown that by carefully manipulating the thermomechanical control
processes (TMCP) of slab reheating, rolling, and cooling during the manufacture of parent steel plates,
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the microstructural and mechanical properties of steel can be adjusted to produce line pipe steels with
improved deformability, toughness, and resistance to strain-aging [45–47].

Kong et al. [48] explained that the basic morphology of most high-strength pipeline steels is a
multiphase structure composed of ferrite, bainite, and martensite. While bainite and martensite
ingredients naturally improve the strength and hardness of line pipe steel, ductile and plastic
deformation capacities tend to be compromised. Also, variability in manufacturing processes of
parent steel plates makes it inevitable for line pipes of the same grade classification to exhibit slight
differences in material properties [49,50]. While manufacturing variability may be regarded as the
primary cause of difference in the strain-hardening characteristics of materials with the same grade
classification, other factors, such as strain aging, have also been observed to cause significant alteration
of the material properties, leading to higher yield strength but lower deformational capacity [51].
Moreover, it has been established that the buckling response of pipes is highly sensitive to the material
behavior, especially in the nonlinear range of the stress-strain relationship. Hence, it is imperative
that the mathematical model that serves for characterization of the material stress-strain relationship
should simultaneously provide reasonable simplicity and representative accuracy. Recent studies
by Ndubuaku et al. [52–55] have led to the development of a novel stress-strain expression, referred
to as the “Ndubuaku model”, which has proven to be exceptionally convenient and effective for
parameterizing the true stress-true strain relationship of any metallic material with a non-negative
gradient throughout the stress-strain curve, including materials with a distinct yield point and an
extended yield plateau. The “Ndubuaku model” approximates the material stress-strain curve over
the full range of strains using only two constitutive model constants (or “shape” constants), referred to
as the “knee” constant and the “heel” constant.

The procedures implemented in this study for estimating the peak moment strain and the
compressive limit strain take a cue from the semi-empirical modeling approach adopted by various
prominent pipeline design standards [12–15]. ABAQUS CAE [56] was employed to create FE (finite
element) pipe models for this study and three different loading conditions were studied: uniform
axial compression, uniform bending, and combined axial compression and bending. Four variations
of a constant net-section compressive axial stress were applied to the pipe models prior to bending
to simulate combined axial compression and bending. Four and five variations of the D/t ratio
and applied internal pressure, respectively, were also applied to the pipe models. The “Ndubuaku
model” was used to create two sets of stress-strain curves according to the two main classifications
of stress-strain curves for metallic materials, i.e., round-house type (RHT) curves and yield-plateau
type (YPT) curves. Four and five variations of RHT and YPT curves, respectively, were created so
that the numerical analyses performed in this study culminated in a total of 1080 separate FEA (finite
element analysis) runs; 180 runs for uniform axial compression, 180 runs for uniform bending, and
720 runs for combined axial compression and bending. Advanced nonlinear regression techniques were
subsequently employed to develop mathematical expressions for predicting the critical limit strain
(CLS) for each loading condition using a powerful computational package, Wolfram Mathematica [57].
The strain-hardening peculiarities of the stress-strain curves were parameterized by the model “shape”
constants of the “Ndubuaku model” and incorporated in the derived semi-empirical models.

2. Characterization of Material Stress-Strain Behavior

The “Ndubuaku model” was adopted in this study to adequately capture the slight variations
that are generally observed to exist in the stress-strain response of metallic materials. Details of the
fundamental concept and successive steps for developing the adopted material model have been
previously presented in recent publications by Ndubuaku et al. [52–55]. The mathematical form of
the material model derives the true stress (σ) as a function of the true strain (ε), using two “shape”
constants, the “knee” constant (knm) and the “heel” constant (hnm):
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where E is Young’s modulus of elasticity, σpl and εpl are the proportionality limit stress and the
proportionality limit strain, respectively, and the ultimate proof stress and corresponding ultimate
proof strain are represented by σup and εup, respectively. The first part of Equation (1) represents
the linear (elastic) portion of the stress-strain curve, where the relationship between the stress and
the strain is simply defined by the elastic modulus, E, while the second part characterizes the entire
nonlinear portion of the stress strain curve, beginning at the proportionality limit stress (PLS) and
terminating at the nominal ultimate proof stress (UPS).

The “Ndubuaku model” is easily applicable for generating any desired number of idealized strain
curves by simply specifying two stress control points (σc1 and σc2) and corresponding strain control
points (εc1 and εc2) according to the following expressions [54]:
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To ensure conformity with the API 5L [41] specifications for X80 grade line pipe steels, the
material model was employed such that all the stress-strain curves for this study (shown in Figure 1)
are characterized by the same nominal yield stress (YS) and nominal ultimate proof stress (UPS), but
different strain hardening properties.
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Figure 1. Idealized variations for stress-strain curves of (a) X80-YPT, and (b) X80-RHT materials.

As indicated by the plots in Figure 1, the nominal yield stress (YS = 586 MPa) was maintained
at the stress corresponding to a total strain of 0.5% (i.e., σ0.5), while the nominal ultimate proof stress
(703 MPa) was maintained at the stress corresponding to a total strain of 10% (i.e., σ10). The value of the
elastic modulus was selected as 205,800 MPa. The strain hardening for the YPT materials was varied
by simply changing the yield plateau length (YPL) of the stress-strain curves, while the various strain
hardening properties of the RHT curves were obtained by adjusting the proportionality limit stress
(PLS) of the stress-strain curves. The numeric designations of the elements of the graph legends for the
stress-strain curves in Figures 1a and 1b represent the YPL and the PLS, respectively. The YPLs are
defined in terms of the total strain in percentage (%) units, while the PLSs are defined in megapascal
(MPa) units.

The constitutive model constants which define the shapes, and invariably the strain-hardening
characteristics, of the generated stress-strain curves are presented in Table 1.
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Table 1. Model shape constants for the derivation of stress-strain curves.

YPT RHT

Curve Label Kf = 1/KNM Hf = 1/HNM Curve Label Kf = 1/KNM Hf = 1/HNM

YP-1.00 83.7395 0.5187 PL-486 11.5448 3.9814
YP-1.25 115.2048 0.4221 PL-446 21.1099 2.7531
YP-1.50 162.9859 0.3510 PL-406 35.3391 2.1374
YP-1.75 240.2443 0.2953 PL-366 69.2445 1.5847
YP-2.00 374.3178 0.2501

For better representation of the shape constants two new designations, the “knee” factor (K f ) and
the “heel” factor (H f ) are defined in Table 1 as inverse functions of the “knee” constant, Knm, and the
“heel” constant, Hnm, respectively.

3. Methodology of Numerical Analysis

Pipelines made of API X80-grade line pipe steel were numerically simulated in this study using
a tubular FE shell model developed with ABAQUS/Standard, in order to study the stability of
steel pipelines when subjected to uniform axial compression, uniform bending, or combined axial
compression + bending. The parameters investigated in the FE study were selected according to three
factors considered to be most influential to the buckling response and respective limit strains of tubular
shell structures, i.e., the dimensional factor (related to the D/t ratio), the load factor (related to internal
or external overpressure), and the strain hardening factor (related to shape of stress-strain curve).
Four variations of the D/t ratio were specified thus: DT1 = 41.152, DT2= 64.078, DT3 = 82.156, and
DT4 = 104.622. The D/t ratio was varied by maintaining the pipe’s outer diameter (OD) at a constant
nominal pipe size (NPS) of 36 inches (914.4 mm), and respectively changing the wall thickness of the
pipe models thus: t1 = 22.22 mm (for DT1), t2 = 14.27 mm (for DT2), t3 = 11.13 mm (for DT3), and
t4 = 8.74 mm (for DT4). In addition to non-pressurized conditions, four levels of internal pressure
corresponding to 20%, 40%, 60%, and 80% of the yield pressure in the circumferential direction were
applied to the pipe models. To properly account for the influence of the material’s strain hardening
properties on the CLS, three material-related parameters each were derived for both YPT curves and
RHT curves. The two parameters obtained for both RHT and YPT pipes comprised the two model
“shape” constants (Knm and Hnm), while the yield plateau length (YPL) was applied as the third
parameter for YPT pipes and the ratio of the PLS to the UPS (herein referred to as the “PLUS” ratio)
was considered as the third parameter for RHT pipes.

The pipe geometry was modeled as a 3D deformable shell structure, and for computational
efficiency, symmetric boundary conditions were applied in the longitudinal and transverse directions
of the pipe, so that only a quarter of the full pipe specimen (half of the specified length and half of the
circumference) was modeled. The numerical analysis procedure conducted in this study is a geometric
and material nonlinear type; hence, the boundary conditions applied to create the X- and Z-symmetries
for the assumed quarter models are able to provide an accurate representation of the actual response of
the full pipe models. With the application of the Z-symmetry boundary condition (symmetry across the
X-Y plane), the quarter pipe models were therefore extruded to three times the pipe diameter (3.0*D).
The assigned length of the pipe model was selected according to the recommendations of Liu et al. [58]
to ensure that there are no interactions between the end boundary conditions and the strain and stress
distribution at the pipe mid-length, where initiation of local buckling deformation is expected to
occur. At the loading end of the pipe model (i.e., the end where the rotation or axial displacement
was applied), a reference point was created at the center of the pipe cross-section and restrained such
that only translation along the Z-axis was allowed for uniform axial compression, and rotation about
the X-axis plus translation along the Z-axis was allowed for uniform bending and combined axial
compression + bending. A kinematic coupling constraint was then assigned for connecting the nodes
at the loading end to the reference point to allow the end of the pressurized pipe to expand in the
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radial direction throughout the applied loading. The kinematic coupling constraint was defined in the
cylindrical coordinate system to permit only one degree of freedom, i.e., circumferential extension,
thereby inducing a uniform stress field and consequently facilitating the initiation of buckling at the
mid-length cross-section of the pipe segment.

The four-node reduced-integration shell elements (S4R) with hourglass control in the ABAQUS
element library were used for all the analyses, enabling up to five integration points through the wall
thickness of the pipe models. The S4R elements are suitable for the analysis of thin to moderately
thick shell structures with material and geometric nonlinearities. A mesh convergence study was
conducted to establish the optimum number of elements required for the FE simulation, and a mesh
size approximately equal to 3% of the pipe diameter (0.03*D) was applied respectively to all the FE
pipe models. A large-strain von Mises plasticity model with isotropic hardening was applied to the
line pipe steel material. Calibration of the material response is assumed to be related to the true stress
vs. true strain relationship from a uniaxial tensile test performed on a coupon specimen of the pipe
materials, hence, respective stress-strain curves were assigned to the pipe models using the standard
multilinear material definition facility in ABAQUS.

For the three different loading conditions considered in this study, two loading steps (an initial
load-controlled step followed by a displacement-controlled step) were defined in addition to the default
“Initial” step in ABAQUS CAE for each simulation. To adequately track the nonlinear equilibrium
path of deformation at the reference critical portions of the pipe segment, recording of the resultant
moment and resultant compressive force, as well as the corresponding limit strains, was performed
at the displacement-controlled stage of each simulation. In the initial load-controlled step of the
simulation for uniform axial compression, specified levels of internal pressure were applied to the pipe
models, while a monotonically-increasing uniform axial displacement was applied to the loading-end
reference point in the following displacement-controlled step. Internal pressure was applied in the
load-controlled step for uniform bending, while a monotonically-increasing rotation was subsequently
applied to the loading-end reference point in the displacement-controlled step. For the load-controlled
phase of the combined axial compression and bending, a finite compressive axial force was applied to
the loading-end reference point, while respective percentages of the circumferential yield pressure were
simultaneously applied to the internal surface of the pipe models. A monotonically-increasing rotation
was then applied to the loading-end reference point in the second step. For combined axial compression
+ bending, the compressive axial force applied to the pipe prior to the monotonically-induced curvature
was measured as respective percentages (20%, 40%, 60%, and 80%) of the peak force under uniform
axial compression.

The measurement scheme for the average compressive strain is adopted for this study in line
with the recommendations of Liu et al. [58]. For uniformity of estimation, the same measurement
scheme was employed to determine the average values of compressive strain in the pipe models.
The measurement scheme was defined with reference to the pipe model under uniform bending by
evaluating the average value of the compressive strain of all the meshed elements within the reference
gauge area on the compressive side of the pipe model. The measurement area was selected immediately
adjacent to both the Z-symmetry plane and the X-symmetry plane, and corresponded to a longitudinal
distance equal to the pipe diameter (1.0*D), and a circumferential distance approximately equal to
one-eighth of the pipe diameter (0.125*D), respectively (shown in Figure 2). The critical limit strain was
derived from the results of the individual FE runs in this study based on a “peak load criterion” [59],
which regards the “critical” value as the resultant compressive longitudinal strain measured at the
onset of local buckling, and is derived as the average strain that corresponds to the onset of “softening”
in the load-deformation response (i.e., the X-Y plot of the average compressive strain on the X-axis
versus the loading-end reaction moment or the loading-end reaction force on the Y-axis). A cylindrical
coordinate system (with the origin at the center of the pipe cross-section) was assigned to the pipe
model for obtaining the average longitudinal strains, while the loading-end reaction moment and the
loading-end reaction force were obtained in the default Cartesian coordinate system.
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Figure 2. Meshed area for average strain measurement.

4. Numerical Results

Based on the stipulated parameters, and using the above numerical simulation techniques, the
post-processing module in ABAQUS CAE was used to extract field output data after each run, such
that the recorded incremental values for the reaction force (“RF3”) or reaction moment (“RM1”), and
the corresponding average compressive strains over the gauge length area were exported to a Microsoft
Excel spreadsheet to estimate the critical limit strain of the API X-80 grade steel pipeline models. The
individual variable functions that form the semi-empirical models generated in this study emanate
from the observed trends of the CLS, with respect to the various parameters investigated.

4.1. Validation of Numerical Model

The pilot FE pipe model was validated by comparing the result obtained for pure bending of an
unpressurized pipe model of D/t ratio = 64 to the result of an experimental study by Mohareb et al. [60],
and satisfactory correspondence between the FE result and the experimental result was obtained for the
end reaction bending moment vs. average induced curvature response, as well as the diamond-shaped
wrinkling deformation at failure (Figure 3).
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Figure 3. Comparison of FEA result with experimental result (UGA508) by Ref. [60].

4.2. Evolution of Stress in Pipes

The evolution of the resultant stress along the length of pipe segments due to applied loads
and induced deformation is portrayed in the following figures using contour plots of the von Mises
stress. The contour plots are captured at various points along the path of the load-displacement (or
moment-curvature) curve, which coincide with three of the strategic stages of the load-deformation
response, i.e., pre-buckling, limit load, and post-buckling. Figures 4a and 5a represent the axial
load-displacement plots of YPT pipes and RHT pipes, respectively, under uniform axial compression.
Figures 6a and 7a represent the moment-curvature plots of YPT pipes and RHT pipes, respectively,
under uniform bending. The longitudinal distribution of the von Mises stress at the extreme of the
compression side of the pipe’s cross-section, which is aligned with the bending plane, is plotted
in Figures 4b and 5b for YPT pipes and RHT pipes, respectively, under uniform axial compression.
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The longitudinal stress distribution is plotted in Figures 6b and 7b for YPT pipes and RHT pipes,
respectively, under uniform bending. Contour plots of the von Mises stress at specified stages of the
load-deformation response are respectively presented in Figures 4c and 5c for YPT pipes and RHT
pipes under uniform axial compression, while the contour plots for YPT pipes and RHT pipes under
uniform bending are presented in Figures 6c and 7c, respectively. The results presented in Figures 4–7
are for DT4 pipes with fp = 0.4; where the YPL = 1.0% for the YPT pipes and the PLUS ratio = 0.691 for
the RHT pipes. The von Mises contour plots are longitudinally aligned with the longitudinal stress
distribution plots such that the left end is the load end and the right end is mid-length cross-section of
the pipe.

The plots presented in Figures 4–7 indicate that the von Mises stress is constant over the entire
length at the compression zone of the pipe in the pre-buckling stage (i.e., from the beginning of
load application until buckling occurs). Buckling is associated with the formation of a longitudinal
wrinkle, and may either precede the limit load, as in Figures 5a, 6a and 7a, or coincide with the limit
load, as in Figure 4a. The limit load is typically reached when the von Mises stress in the extreme
compression fibers of the pipe reach the yield stress of the pipe material, after which localization of
strains and resultant stresses commences at the mid-length region of the pipe, and the remaining
portions of the pipe experience a stress relief. Attainment of the limit load is essentially followed by
load collapse and softening of the load-deformation response. The above plots indicate that, beyond
the limit load, the von Mises stresses in the compression zone evolve such that the stresses around the
mid-length cross-section advance towards the UPS, while the stresses in the remaining portions of the
pipe continue to decrease.
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(a) Load-displacement curve (b) von Mises stress contour plots 
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Figure 4. Axial load-displacement response and stress evolution in YPT DT4 pipes under uniform axial
compression (YPL = 1.0%, fp = 0.4).
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(c) Longitudinal stress distribution plots 
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Figure 5. Axial load-displacement response and stress evolution in RHT DT4 pipes under uniform
axial compression (PL/US = 0.691, fp = 0.4).
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(a) Moment-curvature curve (b) von Mises stress contour plots 

 

(c) Longitudinal stress distribution plots 
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Figure 6. Moment-curvature response and stress evolution in YPT DT4 pipes under uniform bending
(YPL = 1.0%, fp = 0.4).
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Figure 7. Moment-curvature response and stress evolution in RHT DT4 pipes under uniform bending
(PL/US = 0.691, fp = 0.4).

4.3. Results of Parametric Analysis

The influence of the D/t ratio, internal pressure, and material strain-hardening (represented by
the YPL for YPT pipes, and PLUS ratio for RHT pipes) on the CLS of X80 pipes is outlined herein for
the three different loading conditions considered. The PLUS ratios, defined as the ratios of respective
values of the proportionality limit stress (as indicated by the stress-strain curve labels in Figure 1) to
the specified value of the ultimate proof stress (703 MPa), are obtained as: PL486 = 0.691, PL446 = 0.634,
PL406 = 0.577, PL366 = 0.520. The ratio of applied internal pressure to the circumferential yield
pressure is herein referred to as the “pressure factor”, fp, and various levels of internal pressurization
are assigned numeric designations (0.0, 0.2, 0.4, 0.6, and 0.8) according to respective percentages
(0%, 20%, 40%, 60%, and 80%) of the yield pressure. For combined axial compression + bending, the
ratio of the applied stress to the limit stress of the pipe (obtained under uniform axial compression
conditions) is herein referred to as the “compression factor”, fc, and various levels of axial compression
are assigned numeric designations (0.2, 0.4, 0.6, and 0.8) according to respective percentages (20%,
40%, 60%, and 80%) of the limit stress.

4.3.1. Influence of D/t Ratio

The plots in Figures 8 and 9 illustrate the relationship between the CLS and the D/t ratio of YPT
and RHT pipes, respectively. The plots in Figure 8 are obtained for YPT pipes with YPL = 1.50%, while
the plots in Figure 9 are obtained for RHT pipes with PLUS ratio = 0.634. The plots for combined axial
compression + bending in Figures 8c and 9c are both obtained for pipes subjected to compression
factor, fc = 0.6. The CLS trends are presented for all five levels of internal pressure considered.
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Figure 8. Plots of CLS vs. D/t ratio of YPT pipes with YPL = 1.50% for (a) uniform axial compression,
(b) uniform bending, and (c) combined loading (fc = 0.6).
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Figure 9. Plots of CLS vs. D/t ratio of RHT pipes with PL/US = 0.634 for (a) uniform axial compression,
(b) uniform bending, and (c) combined loading (fc = 0.6).

The most obvious aspect of the plots above is the nonlinear negative correlation between the CLS
and the D/t ratio. The plots indicate the tendency for the CLS to reduce as the D/t ratio increases, and
even more evident is this phenomenon in YPT pipes, especially at high levels of internal pressure. It
is also reasonable to deduce that the influence of internal pressure on the CLS vs. D/t ratio trends is
minimal in RHT pipes compared to YPT pipes, as the change in the slope of the CLS vs. D/t ratio
trends for RHT pipes is observed to be generally much lower than for YPT pipes. The relationship
between the CLS of YPT pipes and the D/t ratio becomes nearly linear at internal pressure = 80%. For
intermediate D/t ratios (DT2 and DT3) and high D/t ratios (DT4), RHT pipes are observed to have a
higher deformational capacity than YPT pipes at internal pressure ≤ 60% YS. However, at high internal
pressure ( fp = 0.8) and/or low D/t ratio (DT1), the deformational performance of YPT pipes tends
to supersede that of RHT pipes. The CLS of pipes under uniform bending is generally observed to
surpass the CLS under uniform axial compression, while the CLS under combined axial compression
and bending is somewhat bounded by the uniform axial and uniform bending CLS values.

4.3.2. Influence of Internal Pressure

The relationship between the CLS and internal pressure for YPT and RHT pipes is illustrated
by the plots of CLS vs. fp in Figures 10 and 11, respectively. The plots in Figure 10 are obtained for
YPT pipes, with YPL = 1.25%, while the plots in Figure 11 are obtained for RHT pipes, with PLUS
ratio = 0.691. Similar to the plots in Figures 8 and 9, the plots for combined axial compression +
bending in Figures 10c and 11c are both obtained for pipes subjected to compression factor, fc = 0.6.
The CLS trends are presented for all four D/t ratios considered.

Unlike the relationship between the CLS and the D/t ratio, the correlation between the CLS
and internal pressure is characteristically positive and is more evident in YPT pipes. In conformance
with the deductions from the CLS vs. D/t ratio plots in Figure 9, variation of the internal pressure
is observed to have a negligible influence on the CLS of RHT pipes for all D/t ratios. On the other
hand, the influence of internal pressure on the CLS of YPT pipes is only minimal at intermediate D/t

ratios (DT2 and DT3) and high D/t ratios (DT4) for internal pressures ≤ 60% YS. The most significant
influence of internal pressure is observed in YPT pipes of low D/t ratios (DT1).
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Figure 10. Plots of CLS vs. fp of YPT pipes with YPL = 1.25% for (a) uniform axial compression, (b)
uniform bending, and (c) combined loading (fc = 0.6).
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Figure 11. Plots of CLS vs. fp of RHT pipes with PL/US = 0.691 for (a) uniform axial compression,
(b) uniform bending, and (c) combined loading (fc = 0.6).

4.3.3. Influence of Strain-Hardening Properties

The strain-hardening properties relate to the YPL of the stress-strain curve for YPT pipes, and
the PLUS ratio for RHT pipes. The influence of variations in D/t ratio on the relationship between
the CLS and the strain-hardening properties is considered to be significant, and is therefore included
in the CLS-trend illustrations in Figures 12–15. The plots in Figures 12 and 13 are both obtained for
YPT pipes, with D/t ratio = 41.15 and 82.16, respectively, while the plots in Figures 14 and 15 are
both obtained for RHT pipes, with D/t ratio = 41.15 and 82.16, respectively. The plots for combined
axial compression + bending in Figures 12c, 13c, 14c and 15c are all obtained for pipes subjected to
compression factor, fc = 0.2.
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Figure 12. Plots of CLS vs. YPL of YPT DT1 pipes for (a) uniform axial compression, (b) uniform
bending, and (c) combined loading (fc = 0.2).
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Figure 13. Plots of CLS vs. YPL of YPT DT3 pipes for (a) uniform axial compression, (b) uniform
bending, and (c) combined loading (fc = 0.2).
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Figure 14. Plots of CLS vs. PLUS ratio of RHT DT1 pipes for (a) uniform axial compression, (b) uniform
bending, and (c) combined loading (fc = 0.2).
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Figure 15. Plots of CLS vs. PLUS ratio of RHT DT3 pipes for (a) uniform axial compression, (b) uniform
bending, and (c) combined loading (fc = 0.2).

The plots above indicate that the influence of the strain hardening properties of the pipe material
is more prevalent in pipes with low D/t ratios (DT1) for YPT pipes; as the D/t ratio of the pipe
increases, the influence of the YPL on the CLS diminishes. For YPT pipes of low D/t ratio (DT1),
a positive relationship is observed between the YPL and the CLS at a high internal pressure ( fp = 0.8).
The YPL indicates a progressively negative correlation with the CLS as the internal pressure drops
below 60% YS. On the other hand, a negative correlation between the PLUS ratio and the CLS is more
apparent at higher D/t ratios and the influence tends to diminish as the D/t ratio decreases. As is the
case for YPT pipes with low D/t ratio (DT1), a positive (but relatively less significant) relationship
between the PLUS ratio and the CLS of RHT pipes with low D/t ratio (DT1) is also observed at high
internal pressure ( fp = 0.8).

4.3.4. Influence of Compressive Net-Section Axial Force for Combined Loading

The effect of a compressive net-section axial force on the CLS of pipes subjected to
monotonically-increasing curvature is depicted in Figures 16 and 17. The relationship between
the CLS and the compression factor, fc, is represented by the plots in Figure 16 for YPT pipes, with
D/t ratio = 64.08 and YPL = 1.25%. Figure 17 comprises CLS vs. fc plots for RHT pipes, with D/t

ratio = 41.15 and PLUS ratio = 0.577. Each plot corresponds to a respective level of internal pressure,
as indicated by the elements of the graph legends.
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Figure 16. Plots of CLS vs. fc for YPT DT2 pipes with YPL = 1.25%.
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Figure 17. Plots of CLS vs. fc for RHT DT1 pipes with PL/US = 0.577.

An inverse relationship is observed between the compression factor and the CLS for both YPT
and RHT pipes. Observation of various parametric combinations of the factors investigated in this
study shows a strong and general indication that the upper and lower bounds of the CLS for pipes
subjected to combined axial compression + bending is coincident with the CLS under uniform bending
and the CLS under uniform axial compression, respectively. The observed upper and lower bound
phenomenon is portrayed accordingly on the horizontal axes of the plots in Figures 16 and 17. such
that a fc = 0 represents uniform bending and fc = 1 represents uniform axial compression. It can
therefore be inferred that for all combinations of investigated parameters, the CLS of both YPT and
RHT pipes reduces progressively and somewhat nonlinearly from a state of uniform bending to a state
of uniform axial compression as the compressive net-section axial force is increased from 0% to 100%
of the limit axial stress.

5. Derivation of Semi-Empirical Models

5.1. CLS Derivation

The CLS trends obtained with respect to the various considered parameters were examined to
derive appropriate individual variable functions for each parameter, while taking any significant
inter-relationships between the constitutive factors into consideration. Taking a cue for successful
development of semi-empirical models for prediction of mechanical performance in pipelines from
recent numerical studies [58,59,61], a multiplicative approach was employed for development of six
nonlinear mathematical expressions, each formed as a product of the individual variable functions for
the respective constitutive parameters. The basic form of the nonlinear expressions for the CLS of YPT
and RHT pipes under the three loading conditions investigated is:

εcr = fcr[π1, π2, π3, π4, π5, π6] = f1. f2. f3. f4. f5. f6 (4)

where f1, f2, f3, f4, f5, and f6 represent the D/t ratio function ( fdt), the pressure factor function ( f f p),
the strain hardening function ( fsh), the heel factor function ( fh f ), the knee-to-heel ratio function ( fkh),

and the compression factor function ( f f c), respectively. Here, π1 represents the D/t ratio
(

D
t

)

, π2

represents the pressure factor
(

p
py

)

, π3 represents the yield plateau length (YPL) for YPT pipes or

the PLUS ratio
(

σpl

σus

)

for RHT pipes, π4 represents the heel factor (h f ), π5 represents the “knee-to-heel”

ratio
(

k f

h f

)

, and π6 represents the compression factor ( fc).
For simplicity of presentation, the three loading conditions investigated are hereafter assigned the

following alphanumeric designations: LC1 for uniform axial compression, LC2 for uniform bending,
and LC3 for combined axial compression + bending.

An iterative process was thoroughly implemented for deriving the final form of the individual
variable functions by targeting the highest possible value of the coefficient of multiple determination
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(R2). An R2 value greater than 0.95 was considered to be a satisfactory goodness-of-fit between the
FEA-derived CLS values and the predictions of the derived nonlinear expressions.

The individual variable functions for YPT pipes are outlined thus:

f1 = fdt = a1.(π1)
b1

f2 = f f p =

[

a2 + (b2 + c2π1).Exp(π2)
(d2+e2π4)

a2π4 + (b2 + c2π1).Exp(π2)
(d2+e2π4)

]

(LC1 & LC3)
(LC2 only)

f3 = fsh = a3π4 + (b3π2 + c3π1).(π3)
d3 (LC3 only)

f4 = fh f =

[

a4 + (b4π1 + c4π2).(π4)
d4

a4 + (b4π1).(π4)
c4

]

(LC1 & LC2)
(LC3 only)

f5 = fkh = a5 + (b5π3).(π5)
c5

f6 = f f c = a6 + (b6π2 + c6π1).(π6)
d6 (LC3 only)

(5)

The individual variable functions for RHT pipes are given by:

f1 = fdt = a1.(π1)
b1

f2 = f f p = (a2 + b2.π2).[c2 + (d2 + e2π1).Exp(π2)
( f2)]

f3 = fsh = a3 + (b3π2 + c3).(π3)
d3

f4 = fh f = a4 + b4.(π4)
c4

f5 = fkh = a5 + b5.(π5)
c5

f6 = f f c = a6 + (b6π1).(π6)
c6 (LC3 only)

(6)

The nonlinear regression coefficients and coefficients of multiple determination (R2), obtained by
advanced nonlinear regression analysis using the “NonlinearModelFit” command in the powerful
computational package (Wolfram Mathematica [57]), are presented in Table 2.

Table 2. Nonlinear regression coefficients.

REG. COEFF.
YPT RHT

LC1 LC2 LC3 LC1 LC2 LC3

a1 0.07582 0.003171 0.7302 1.586 1.231 0.1829
b1 −2.192 −2.386 −4.256 −0.5804 −1.112 −0.6736
a2 0.06014 18.57 −386.2 2.919 0.4872 0.947
b2 0.005009 −0.000358 −7.111 0.7857 −0.1282 −0.2245
c2 −0.00003623 8.397 × 10−6 0.02827 −218.1 −48.49 170.2
d2 8.186 11.66 7.735 −34.63 −16.93 6.393
e2 0.6897 3.537 −2.354 0.1272 −0.2596 −0.02223
f 2 - - - 3.565 1.335 2.82
a3 - - 72.59 −1.513 0.500779 7.783
b3 - - 182.2 −1.234 6.915 × 10−5 14.71
c3 - - 1.116 3.225 −0.501086 1.263
d3 - - 3.632 0.2451 0.0002846 4.778
a4 86.44 15.09 −30.34 −2.608 −1.272 3.37183
b4 0.5966 0.004361 −1.788 1.392 2.396 −3.37182

c4 −136.5 1.019 1.665 −0.1513 2.458 −1.127 ×

10−6

d4 0.07415 −3.204 - - - -
a5 40.73 271.9 2.464 × 10−5 −1.40902 −0.2618 −5.336
b5 −0.0003071 −1.189 1.216 1.40905 0.4994 4.04
c5 1.274 0.6593 −1.615 4.185 × 10−6 0.9315 −0.1044
a6 - - 30.23 - - −18.19
b6 - - −200.4 - - 0.03894
c6 - - 3.893 - - 2.456
d6 - - −0.199 - - -
R2 0.962034 0.990746 0.983041 0.997271 0.998619 0.997224

The applicable ranges for the constitutive factors of the developed semi-empirical models are
determined by the range of the parameters used in the FE analyses, given in Table 3 as follows.
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Table 3. Applicable range for dimensionless parameters.

Par.
YPT RHT

≥ ≤ ≥ ≤

π1 41 105 41 105
π2 0.0 0.8 0.0 0.8
π3 1 2 0.520 0.691
π4 0.250 0.519 1.58 3.98
π5 161 1497 2.9 43.7
π6 >0.0 <1.0 >0.0 <1.0

5.2. Limit Stress Derivation

The nonlinear regression procedures employed for deriving the above semi-empirical equations
for the CLS were extended to obtain two nonlinear expressions for the limit stress, for YPT pipes and
RHT pipes. The values of the limit stress were obtained based on the values of the peak load on the
axial load vs. axial deformation plots for pipes subjected to uniform axial compression. The following
regression equations are required for determining the appropriate fractions of the limit stress that
feed into the semi-empirical equations for evaluating the CLS of pipes subjected to combined axial
compression + bending:

For YPT pipes,

σlim,YP = 6.16262(586) ∗ [(8.49601 − 7.19159.π2) ∗ (π1
−0.307568)]

∗[(−8.36548) + 8.36562 ∗ (Exp(π2)
5.59778∗10−6

)]

∗[(1.52236.π1) + 350.286 ∗ (π3
−0.038848)]

(7)

For RHT pipes,

σlim,RH = 5.45103(586) ∗ [(7.32071 − 6.48533.π2) ∗ (π1
−0.107001)]

∗[(8.45167) + 6.90582 ∗ (Exp(π2)
0.843233)]

∗[(5.23197) + 7.78213 ∗ (π4
−0.451323)]

∗[(−5.67028) + 5.67057 ∗ (π5
−2.72452∗10−6

)]

(8)

6. Goodness-of-Fit

In addition to highlighting the coefficients of multiple determination, which indicate the level
of correspondence between the predictions of the developed semi-empirical equations and the FEA
results, the plots in Figures 18 and 19 are presented to provide graphical illustrations of the accuracy
of the developed models. The model-predicted CLS values were plotted against the FEA-derived CLS
values in Figures 18 and 19, respectively, for YPT pipes and RHT pipes subjected to (a) uniform axial
compression, (b) uniform bending, and (c) combined axial compression + bending.
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Figure 18. Model prediction vs. FEA results for YPT pipes for (a) LC1, (b) LC2, and (c) LC3.
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𝜎 , = 6.16262(586) ∗ (8.49601 − 7.19159. 𝜋 ) ∗ (𝜋 . )∗ (−8.36548) + 8.36562 ∗ 𝐸𝑥𝑝(𝜋 ) . ∗∗ (1.52236. 𝜋 ) + 350.286 ∗ (𝜋 . )
𝜎 , = 5.45103(586) ∗ (7.32071 − 6.48533. 𝜋 ) ∗ (𝜋 . )∗ (8.45167) + 6.90582 ∗ (𝐸𝑥𝑝(𝜋 ) . )∗ (5.23197) + 7.78213 ∗ (𝜋 . )∗ (−5.67028) + 5.67057 ∗ 𝜋 . ∗
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Figure 19. Model prediction vs. FEA results for RHT pipes for (a) LC1, (b) LC2, and (c) LC3.

7. Discussion of Results

The results obtained for YPT and RHT pipes indicate that the CLS varies inversely with the D/t

ratio for all combinations of parameters. For the CLS of RHT pipes, however, the effect of varying the
D/t ratio is observed to be mild for all cases considered. The observed deformation behavior, with
respect to the D/t ratio, may be attributed to the somewhat dichotomous phenomenon associated with
the buckling response of cylindrical shell structures as the initiation of buckling transitions from the
elastic region of the material stress-strain curve (elastic buckling) to the nonlinear region of the material
stress-strain curve (inelastic or plastic buckling). RHT pipes exhibit continuous strain-hardening,
and invariably a gradual reduction in the tangential modulus of the stress-strain curve beyond the
proportionality limit point, and therefore do not experience significant changes in deformational
capacity due to the delay of buckling initiation. The effect of D/t variation on the CLS of RHT pipes
can therefore be deduced to be predominantly influenced by the increase in axial or bending rigidity
of the pipe due to decrease in slenderness of the pipe wall, and vice versa. YPT pipes, on the other
hand, feature a sudden zeroing of the slope of the stress-strain curve at the proportionality limit,
and subsequent strain hardening that commences toward the end of a significantly-extended yield
plateau. The existence of a distinct yield point in the stress-strain curve tends to cause an automatic
trigger of buckling instability in YPT pipes once the initiation of buckling extends beyond the elastic
region of the pipe material. However, there exists the possibility of recovery from initial softening
of the load-deformation or moment-curvature response if intrinsic properties (e.g., D/t ratio) or
loading conditions (e.g., internal pressure) provide additional stiffness that sufficiently counteracts the
detrimental impact of the yield plateau on the deformational response of the pipe.

The deformational response of a pipe to uniform axial compression is characteristically different
from the response to bending, even with the additional application of a compressive force. Under
uniform axial compression, the entire cross-section of the pipe is susceptible to buckling, and the
pipe relies on geometric, material, loading, and boundary conditions for sustenance against induced
deformation. Under bending, however, the pipe gains additional stiffness due to the counteractive
interaction between tensile and compressive stresses in the pipe’s cross-section. This can, therefore,
be considered to be responsible for the more apparent effect of D/t variation on the CLS of YPT
pipes subjected to uniform bending and combined bending, and axial compression at pressure levels
between 0% and 60% YS. The deformational response of a YPT pipe subjected to all three loading
conditions at a high level of internal pressure ( fp = 0.8) is analogous to the deformational response
of RHT pipes, as an almost-linear relationship is observed between the CLS and the D/t ratio. This
is attributable to the tendency that a pressure level of fp = 0.8 significantly increases the stability of
the pipe’s response, such that catastrophic collapse leading to failure of the pipe inevitably takes
advantage of the strain-hardening portion of the stress-strain curve at the end of the yield plateau.
This also implies that the influence of D/t ratio variation on the CLS will be predominantly impelled
by the stiffness of the pipe response associated with pipe wall slenderness factors.

The results presented for the influence of internal pressure on the CLS further substantiate the
assertion that increase of the internal pressure in a pipe results in a corresponding increase in the
stability of the pipe’s response to loading. Internal pressure hinders the localization of wrinkling and
bulging deformation, and also increases the tendency for buckling to be initiated further along the

190



Appl. Sci. 2019, 9, 322

stress-strain curve. The results indicate a negligible influence of internal pressure variation on the CLS
of RHT pipes at all levels of pressure. On the other hand, the CLS of YPT pipes tends to be unaffected
by changes in internal pressure between 0% and 60% YS, whereas at higher pressure ( fp = 0.8), there is
a spike in the CLS depending on the D/t ratio.

For YPT pipes, varying the length of the yield plateau is observed to have a higher effect on the
CLS as the D/t ratio of the pipe decreases. For YPT pipes with D/t ratio = 41.15, the CLS is likely
to be negatively affected by an increase in YPL at levels of internal pressure between 0% and 60%
YS, whereas the YPL positively correlates with the CLS at a high level of internal pressure ( fp = 0.8).
Unlike YPT pipes, varying the PLUS ratio tends to have a less significant influence on the CLS of RHT
pipes as the D/t ratio decreases. At DT1, however, the influence of the PLUS ratio on the CLS of RHT
pipes is observed to be negligible, except at a level of pressure equal to 80% YS. It can be inferred
from the results for YPT pipes that improvement of the CLS for pipes with lower D/t ratio or high
internal pressure is not necessarily automatic, as the length of the yield plateau exhibits a secondary,
but significant, influence on the deformational capacity. Figure 12b,c further illustrate that subjection
of a pipe to bending considerably enhances the stiffness response of the pipe, even at zero-to-low
levels of internal pressure. Enhanced stiffness is, therefore, accompanied by an increased tendency for
buckling to be initiated in the nonlinear region of the material stress-strain curve. The higher stiffness
of a pipe under bending, compared to a pipe under uniform axial compression, leads to a relatively
greater positive effect of a longer YPL on the CLS of a pipe under bending, especially at internal
pressures as high as 80% YS. However, additional benefits of a longer yield plateau tend to diminish
once the YPL exceeds 1.75%. For levels of internal pressure between 0% and 60% YS, increasing the
length of the yield plateau results in a reduced ability of the pipe to recover from initial softening of the
mechanical response before reaching the actual peak stress or moment. A decrease in the PLUS ratio
for RHT pipes implies a lower proportionality limit point, and invariably, ‘superior’ strain hardening
and vice versa. At higher D/t ratios, initiation of buckling tends to occur before the yield point of the
material is reached, implying that materials with a lower proportionality limit earlier experience a
softer inelastic response, which translates to higher deformability. As the D/t ratios become lower,
initiation of buckling shifts towards the yield point of the material, where the stress-strain curves of
materials with different PLUS ratios are likely to converge, hence the effect of PLUS ratio variation
becomes negligible. However, beyond the yield point, the stress-strain curve of higher-PLUS ratio
materials exhibits a softer post-YS response; hence, if the initiation of buckling is delayed beyond the
yield point of the material (as is likely the case when internal pressure is as high as 80% YS), a higher
PLUS ratio (i.e., inferior strain hardening) may have a positive effect on the deformational capacity of
an RHT pipe, and vice versa.

8. Conclusions

The relationships between the CLS of pipelines and the relevant influencing parameters
was studied herein, and a comparison was made between three different loading conditions; uniform
axial compression, uniform bending, and combined axial compression and bending. The distinction in
the nonlinear strain-hardening of YPT and RHT pipes has been observed in previous studies [62–66]
to significantly impact on the deformational capacity of pipes, but marginally affect the limit
stress and limit moment. An extensive parametric study was, therefore, conducted to derive the
functional relationships between nondimensionalized parameters representing the relevant factors
and the deformational performance of pipes made of API X80 grade line pipe steel, while separately
considering the material behavior under YPT and RHT classifications.

The shape constants of a new material model were used to fully describe the shape of the
nonlinear portion of the stress-strain curve of the material, and were included as dimensionless
parameters in developing semi-empirical models for predicting the CLS. Individual variable functions
were developed to mathematically represent the trends of the CLS with respect to the parameters
that constitute the semi-empirical models. Advanced nonlinear multiple regression was performed
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using Wolfram Mathematica to obtain the nonlinear regression coefficients for each of the derived
semi-empirical equations, and effort was made to achieve the highest possible R2 value for each
nonlinear expression by accounting for the complex interrelationships between the different parameters.
The nonlinear regression analysis yielded high R2 values (>0.95), indicating an excellent goodness-of-fit
between the model prediction and the FEA-derived results of the CLS.

The semi-empirical models developed in this paper are considered as handy tools for evaluating
the deformational capacity of both unpressurized and pressurized API X80 line pipes. The results
clearly demonstrate that the CLS values for combined axial compression + bending typically exist
in a spectrum between the CLS for uniform bending and the CLS for uniform axial compression. It
is, however, the prerogative of the designer to determine the level of axial compression to consider,
especially in the case of displacement-controlled loading conditions, where the axial stress is not
readily derivable. For cases such as this, it may be necessary to conservatively adopt the models for
uniform axial compression as a lower bound measure of the CLS.
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Featured Application: Expanding the applications of nanostructured carbide-free bainitic steels
by enabling them to be joined. This particularly applies to structures operating in difficult
conditions (e.g., abrasive wear, contact fatigue, dynamic loads).

Abstract: This article presents state-of-the-art welding methods and the weldability aspect of steels,
particularly high-carbon nanobainitic (NB) steels, without carbide precipitates (CFB—carbide-free
bainite). On the basis of research conducted to date, all welding methods with parameters and weld
metals for NB CFB are presented. It was found that the process parameters significantly affected
the mechanical properties of the welds, which were determined primarily by the properties of the
low-temperature heat-affected zone. The microstructures of welded joints in the heat-affected and
fusion zones are also described. The general requirements for welding processes, as well as problems
and perspectives for further research, are presented.

Keywords: nanobainite; NB; CFB; high-carbon steels; high-strength steels; Si-rich steels; welding;
HAZ; fusion zone

1. Introduction

Bhadeshia and Edmonds [1,2] were the first to introduce methods for designing steel that
is characterized by a structure consisting of bainitic ferrite and austenite with high mechanical
properties. A carbide-free structure is possible to obtain with a concentration of 2% Si [3,4]. In addition,
the nanometric widths of the bainitic ferrite laths and film-like austenite (even with 20-40 nm, [5])
allow for an ultimate tensile strength (UTS) of 2.5 GPa to be reached with satisfactory ductility [6].
Austenite can be said to play an important role. It has a film-like morphology and is characterized
by a high carbon concentration and high dislocation density and stability in comparison to blocky
austenite [5,7]. Such materials are called nanostructured bainitic (NB) steels without carbide precipitates
(carbide-free bainite (CFB)) and their development continues to this day (among others, recently
published [8–10]). The high mechanical properties of nanostructured carbide-free bainite create the
possibility of a significant reduction in mass, and also increase the durability of structural parts in
many branches of industry. In addition to the high price, which is mainly associated with complex,
long-term heat treatment and demanding chemical composition, the main limitation of the common
use of NB and CFB in industry is their difficult welding [11]. A high carbon content in the range of
0.6/1.0 wt.%, silicon of 1.5/3.0 wt.%, and manganese of 0.6/2.0 wt.% allows for the refinement of the
microstructure to nanometric values using a low temperature for the isothermal heat treatment [12],
which is the main reason for the poor weldability of these steels. The fundamental problems that
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reduce the mechanical properties of the welded joints are the formation of brittle martensite in the
fusion zone, cementite precipitation in the heat-affected zone, and cold cracking [11].

2. Design of Weld Metals

Obtaining the structure of nanocrystalline bainite in an entire welded joint area determines the
most favorable mechanical properties. The homogeneous bainitic structure is difficult to achieve
during conventional welding methods. In addition, the NB CFB structure can be obtained for materials
characterized by a specific chemical composition, which causes problems with the selection of weld
metals. At present, there are no commercially available weld metals that allow for the structure of NB
CFB in the weld zone. In Reference [13], the chemical composition of an electrode was proposed, which
allows such a structure in the weld zone to be obtained with a small amount of martensite and retained
austenite (Table 1). After the welding process, as a result of the high hardenability associated with the
designed chemical composition of the weld material, the typical Widmanstätten structure was not
achieved. High ultimate tensile strength (approximately 950 MPa) and yield strength (approximately
830 MPa) was not achieved in the joint. It was found that silicon does not significantly affect strength
parameters but does have an influence on impact toughness. The increased concentration of silicon
caused a decrease in the impact energy, which was explained by the slow development of martensite
tempering in relation to the material with a lower content of silicon. Krishna Murthy et al. [14] proposed
weld metals with a higher carbon content (0.32%), which, according to the authors, can replace the
austenitic welds when welding armor steels. The used weld metals allowed the desired structure of
CFB to be obtained with blocky austenite in the inter-dendritic areas. The presence of unstable blocky
austenite reduces the impact toughness of the welds due to the induction of martensitic transformation
under loads [15].

Table 1. Review of weld metals that allow a carbide-free bainite (CFB) structure to be obtained.

Chemical
Composition of

Weld Metals wt.%
Process Parameters

Mechanical
Properties

Microstructure
and Comments

Reference(s)

(1) 0.10% C; 2.2%
Mn; 0.86% Si; 2.1%

Ni; 0.2% Mo
(2) 0.12% C; 2.3%

Mn; 1.38% Si; 2,1%
Ni; 0,2% Mo

(3) 0.1% C; 2.2%
Mn; 1.63% Si; 2.1%

Ni; 0.2% Mo

TIG
Interpass temperature:

250 ◦C;
Electrode �4 mm; 30

runs;
Current: 174 ± 1 A;
Voltage: 25 ± 1 V;
Input energy: 1.08

kJ/mm.

YS = 830 MPa
UTS = 950 MPa

The impact
toughness decreases

with increasing
silicon content. No

significant influence
of silicon on weld

strength was found.

Bainitic ferrite,
austenite, and

martensite in the
weld. The structure

is relatively
homogeneous

despite many weld
beads.

[13]

0.32% C; 1.6% Si;
1.6% Mn; 1.1% Ni;
1.1% Co; 1.0% Cr;

0.3% Mo

Shielded metal arc
welding;

Pre-heat: 350 ◦C;
Current: 175 A;
Voltage: 23 V;

Input energy: 1.2
kJ/mm;

Speed: 180 mm/min;
Electrode �4 mm;
Electrode polarity:

DCEN;
Regeneration: 350 ◦C/6

h.

YS = 1010 MPa
UTS = 1200 MPa
Elongation: 14%

Charpy Energy: 15 J

In the fusion zone
FZ– the structure

consists of bainitic
ferrite and

austenite (CFB).
Blocky austenite in

inter-dendritic
areas.

[14]
[16]

YS—Yield Strength UTS—Ultimate Tensile
Strength

DCEN—Direct
Current Electrode

Negative
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It was also found that the weld material with the structure of CBF was resistant to hydrogen cold
cracking [14] and hot cracking [16]. The obtained ultimate tensile strength was 1200 MPa [14], but this
is still insufficient in the context of high-carbon nanostructured bainitic steels (even at 2500 MPa [6]).

Therefore, weld materials with a higher strength should be designed. On the other hand, increasing
the strength requires the carbon content to be increased, which causes worse weldability. Thereat.
Therefore, medium and high carbon bainitic steels were welded without weld metals in order to obtain
high-strength parameters for the joints.

3. Review of Welding Methods

Over the last decade, attempts have been made to weld nanostructured CFB bainite. In Table 2,
a review of welding processes of these steels that have so far been conducted is presented. The welding
methods, chemical composition of the base materials, process parameters, mechanical properties,
and a brief description of the microstructures are specified; in addition, comments are also provided.
Furthermore, some welding methods involve steels with a high silicon content and a relatively low
carbon concentration (0.34 wt.%). The table also includes some of the welding methods of steels
after Quenching and Partitioning (Q&P) with regards to the chemical composition that favors the
preparation of CBF structures.

Welding of high carbon bainitic steels (0.55/0.82%) was carried out, inter alia, using the TIG
method [17–21]. It was found that the process parameters significantly influenced the microstructure
and mechanical properties. A higher amount of delivered heat caused a higher volume of retained
austenite in the weld (in which martensite was also found) [17]. The authors of Reference [17] applied
preheating and also analyzed the welding process for steel in the softened delivery state. Due to the
occurrence of cracks in welded sheets with a final bainitic structure, they proposed that it should be
welded in the delivery state and that the heat treatment process should be carried out afterwards.
Fang et al. [19–21] carried out a welding process using the regeneration technique. Regeneration
involves controlled cooling of the welded joint to the isothermal heat treatment temperature and
annealing at this temperature for a sufficient time to allow completion of bainite transformation.
After welding with regeneration, a bainitic structure with coarse retained austenite was obtained [19].
No cold cracks or martensitic structures were found in the weld zone. After a tensile strength test,
fractures were located in the heat-affected zone, where the presence of cementite was identified [19].
In order to accelerate the beginning of the bainite transformation, use of deformation in the welded
joint was suggested by applying the rotary impacting trailed welding (RITW) method [22]. In this
method, the welding and impacting occurs synchronously, which makes it possible to introduce
compressive and shear stresses in the material at the same time during the welding process. Bainitic
steel after heat treatment was also welded using the TIG method. The rotary impacting head was
placed 30 mm behind the welding gun and 5 mm away from the welding centerline, which, in this
area, corresponds to a temperature of 600◦C. However, in this method, heat treatment (regeneration) is
necessary after the welding process. It was found that the RITW method allows for a reduction in the
time necessary for bainite transformation in the deformed austenite zone, but the used regeneration
time, however, was not long enough to complete the transformation. In addition, the deformation of
austenite before phase transformation affected the morphology of bainite—the bainitic ferrite laths
were arranged in the direction of deformation. In Reference [23], two-pass welding was used to refine
the austenite grains. The authors proposed such a process due to the fact that fine austenite grains
will accelerate the nanobainitic transformation [24,25], such as in the case of the material used in this
study [23]. Acceleration of bainitic transformation will shorten the regeneration time, which will reduce
the cost of heat treatment and increase the process’ technological efficiency. As with the previous
method, the impacting trailed welding (ITW) method uses a first impacting head placed 30 mm behind
the welding gun, and the second welding gun is 60 mm behind the first welding gun in the welding
direction (Figure 1). Regeneration of the weld joint involved two stages, and the cycles are shown in
Figure 2. Different recrystallization temperatures were used, ranging from 700 ◦C, 750 ◦C, and 800 ◦C
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with times of 10 s, 30 s, 50 s, and 100 s. It was found that the conducted static recrystallization process
in the impact zone reduced the grain size from 106 ± 42 µm to 36 ± 13 µm. The recrystallized grains
were also smaller than the base material, where the grain size was around 50 µm. In addition, it was
found that a higher volume of bainitic ferrite was obtained in the recrystallized grains, which also
confirmed the reduction of the bainite transformation time and the same time of regeneration. Welded
joints after the ITW process showed a higher ultimate tensile strength (2100 MPa) when compared to
the process without ITW (1400 MPa) [23].

μ μ
μ

  

A

Figure 1. Scheme of the welding process using the two-pass impacting Trailed welding (ITW)
method [23].

μ μ
μ

 

 

A

Figure 2. Two-pass regeneration with static recrystallization [23].

In Reference [26], for welding high carbon bainitic steels, laser welding with post-weld rapid heat
treatment (PWRHT) is proposed. When the welded joint after the welding process approaches the
beginning of the martensitic transformation (Ms), it is quickly heated to a temperature lower than A1

(in less than 10 seconds). As a consequence, disadvantageous, brittle martensite in the welds and cold
cracks are avoided. The structure after laser welding and PWRTH consisted of ferrite, austenite, and
cementite, and its hardness was comparable to the base material. The obtained structure was different
to the correct bainitic structure and, despite a comparable hardness level, it showed lower mechanical
properties. Fang et al. [21] proposed a laser beam welding process with regeneration, similar to the
TIG method. It was found that low input energy (60 kJ/m) in laser welding, when compared to the TIG
method where high input energy was used (908 kJ/m), allows for the achievement of high ultimate
tensile strength (33 MPa lower than the strength of the base material). The high tensile strength of
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welded joints is due to the high stability of the microstructure in the heat-affected zone at low input
energy processes.

Another welding method used for nanostructured CFB steels is friction stir welding (FSW) [27,28].
The joining process takes place in a solid state, which reduces the formation of distortions and defects
associated with thermal contraction. In the FSW method, a rotating tool containing the shoulder and
pin is plunged into the joint between the two front-mounted plates. As a result of friction and plastic
deformation of the pin on the surface of the plates, heat is generated, which causes the softening of the
material in the area of the tool. The softened material then flows to the rear edge of the shoulder, where
it is stirred. The material after cooling forms a joint between the plates [29]. In References [27,28], it was
found that the parameters of the FSW process affect the mechanical properties and microstructure of
the obtained joints. The research concerned silicon-rich steels with a relatively low carbon content
(0.34 wt.%). The increase in rotational speed increases the hardness of the zone, defined in the work
as the stir-zone (SZ), located in the area of the moving shoulder. However, the hardness obtained at
the lowest rotational speed was also high when compared to the thermo-mechanical affected zone
(TMAZ) and base material. This increase in hardness is explained by the appearance of martensite
under the influence of the thermo-mechanical effect (TRIP) and suggests the use of heat treatment after
the joining process. However, the presence of martensite was not confirmed and the change in the
volume of retained austenite in this zone was not determined. Scanning electron microscopy does
not allow microstructures to be unequivocally identified. Carbide precipitates, which are likely in the
TMAZ zone, were not analyzed.

In Reference [18], an attempt was made to friction weld NB CFB steel with C45 steel. The parameters
of the welding process are presented in Table 2. No cracking was found in the Fusion zone, while
microcracks were identified in the heat-affected zone (HAZ). When joining C45 steel with bainitic steel
in the delivery state (perlite and ferrite), no microcracks were found [18]. However, welding steel in the
delivery state requires heat treatment after the process in order to obtain a bainitic structure, which is
an additional technological process (it will also change the mechanical properties of the C45 steel).

Wang and Speer [30] described the welding capabilities of commercial QP980 steel after quenching
and partitioning (Q&P) heat treatment. The Q&P process was proposed by Speer et al. [31] and allows
a high-strength martensite–ferrite–austenite structure for C–Si–Mn/C–Si–Mn–Al steels to be obtained.
Heat treatment consists of complete or partial austenitization and cooling to the temperature between
the beginning and the end of the martensitic transformation (Ms and Mf), followed by isothermal
anealing in the higher temperature range of martensitic or bainitic transformation [32,33]. Due to the
high concentrations of silicon and aluminum in these steels, precipitation of cementite is inhibited,
and the structures are therefore carbide free. Carbon enriches (above all) austenite and ferrite [33].
Heat treatment parameters determine the proportions of phases in the structure in which CFB bainite
occur [33]. For this reason, this review also included welding methods for steel after Q&P treatment.
The microstructure of the tested QP980 steel contained martensite, austenite, and ferrite, and no
carbide-free bainite was identified [30]. However, the chemical composition of QP980 steel favors the
structure of carbide-free bainite Therefore, the presented welding methods can be useful for planning
the welding process of bainitic steels with a similar chemical composition. Steel after Q&P treatment
was welded using resistance spot welding (RSW), laser welding, and the MAG method (Table 1).
The authors assessed the weldability of QP980 steel as good and all welding methods were successfully
carried out (i.e., no excessive welding defects and good mechanical properties) [29]. Resistance spot
welding (with thermal simulation) was also performed for steel with a higher carbon concentration
(42SiCr) after Q&P treatment. The satisfactory mechanical properties (shear strength) of the welded
joints were not obtained and, in order to reconstruct the mechanical properties of the base material,
the authors proposed the future use of a regenerative treatment in conditions similar to the Q&P
parameters [34]. This result confirms the difficulty of welding steel with a higher carbon concentration.
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Table 2. Review of welding methods for nanostructured carbide-free bainite and for selected steels after quenching and partitioning(Q&P) heat treatment.

Welding Methods
Chemical Composition
of Base Material wt.%

Process Parameters Mechanical Parameters Microstructure and Comments Reference(s)

TIG

0.82% C;
1.2% Si;

2.5% Mn;
0.8% Mo;
1.8% Cr;
1.5% Al;
1.0% Ni

1. Current: 160 A; Voltage: 16 V;
Speed: 22 mm/min;

Sheet thickness: 6.0 mm
2. Current: 160 A; Voltage: 15 V;

Speed: 50 mm/min;
Sheet thickness: 6.0 mm

3. Current: 150 A; Voltage: 15 V;
Speed: 80 mm/min;

Sheet thickness: = 4.0 mm

UTS up to 60% of the base
material;

1. UTS = 850 MPa
2. UTS = 1200 MPa
3. UTS = 1578 MPa

A higher amount of heat caused
a higher volume of retained

austenite.
A small volume of martensite in

the weld and HAZ.
No preheating and

regeneration.

[17]

TIG

(1) 0.61% C; 1.5% Mn;
1.7% Si; 1.3% Cr.

(2) 0.55% C; 1.9% Mn; 1.8
%Si; 1.3% Cr; 0.8% Mo.

Pre-heat = 230 ◦C;
Current: 100 A (impulse 160 A);

Impulses frequency: 30 Hz;
Speed: 100 mm/min;

Sheets thickness:
5.0 and 8.0 mm

Cover gas: 100%Ar;
Gas flow: 15 L/min.

Base material:
Hardness: 640 HV.

Softened state + heat
treatment: 590/610 HV.

Maximum value of
nanobainitic welds:
720 HV in the HAZ

The sheets welded in the
softened state did not show

cold racks. Cold cracks were
identified in welded joints of

steel with a nanobainitic
structure.

[18]

TIG
+

regeneration

0.76% C;
1.0% Si;
1.3% Cr;

1.0% Mn;

Current: 140 A; Voltage: 20 V;
Speed: 185 mm/min;

Samples: 2 × 40 × 100 mm
Regeneration: 250 ◦C /5 days

Base material:
UTS = 1950 MPa, A = 2%

After welding:
UTS = 1410 MPa, A =

0.8%

No cold cracks in the weld.
After regeneration, the weld
had a bainitic structure and a

small amount of retained
austenite. Cementite

precipitates were identified in
the HAZ.

[19]
[20]

TIG
+

regeneration

0.82% C;
1.7% Si;

2.0% Mn;
0.2% Cr;
0.4% Mo;
1.1% Ni;

Input energy: 908 kJ/m
Speed: 18.5 mm/min

Sheets thickness: 2 mm
Regeneration: 250 ◦C/5 days

Base material:
UTS = 1877 MPa

After welding:
UTS = 1680 MPa

Precipitates of cementite in
HAZ, which increased the

width of bainitic ferrite laths,
austenite decomposition in the

LHAZ.

[21]
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Table 2. Cont.

Welding Methods
Chemical Composition
of Base Material wt.%

Process Parameters Mechanical Parameters Microstructure and Comments Reference(s)

RITW
(TIG

+ rotary impacting
head)
+

regeneration

0.87% C;
1.2% Si;

1.5% Mn;
0.3% Mo;
0.5% Ni;
1.1% Al

Current: 140 A; Voltage: 18 V;
Speed: 90 mm/min

Samples: 10 × 80 × 100 mm
Regeneration:
1. 250 ◦C/1.5 h
2. 250 ◦C/2.5 h

The RITW process accelerated
the bainite transformation.

Bainitic ferrite in the deformed
austenite zone was arranged in
accordance with the direction of

deformation.

[22]

ITW
(TIG + two-pass
impacting head)

+

regeneration

0.87% C;
1.2% Si;

1.5% Mn;
0.3% Mo;
0.5% Ni;
1.1% Al

Current: 220 A; Voltage: 18 V;
Speed: 2 mm/s

Samples: 10 × 80 × 100 mm
Argon flow: 2 L/min

Recrystallization:
700 ◦C; 750 ◦C; 800 ◦C
10 s; 30 s; 50 s; 100 s.

Regeneration:
250 ◦C/2 h

Without ITW:
UTS = 1400 MPa
Elongation: 2%

With ITW:
UTS = 2010 MPa
Elongation: 3/4%

Grain size:
Base material: ~50 µm

Without ITW: 106 ± 42 µm
With ITW, recrystallization area:

36 ± 13 µm.
The ferrite volume was higher
for recrystallized grains and the
bainite transformation time was

reduced.

[23]

Laser Welding
+

PWRHT

0.78% C;
1.0% Si;

1.5% Mn

PWRHT:
Cooling of the welded joint (T >

Ms); Heating with speed 10 s (T <
Ac1); cooling to RT.

No cold crack in the weld.
HAZ: ferrite, cementite, and

austenite.
[26]

Laser Beam Welding
+

regeneration

0.82% C;
1.7% Si;

2.0% Mn;
0.2% Cr;
0.4% Mo;
1.1% Ni;

Input energy: 60 kJ/m
Speed: 100 mm/min

Sheet thickness: 2 mm
Regeneration: 250 ◦C/5 days

Base material:
UTS = 1877 MPa

After welding:
UTS = 1844 MPa

Slight changes in LHAZ.
A small amount of cementite,
austenite partly decomposed.

[21]

Friction Stir Welding

0.34% C;
1.8% Mn;
1.5% Si;
0.9% Cr;

Stir speed:
80; 100, 150, 200 rpm

Feed rate:
35 mm/min

Hardness of base material:
425 HV

Hardness of stir-zone:
650–725 HV

In the stir zone, there was an
increase of hardness in relation

to the thermo-mechanical
affected zone.

Thermoplastic deformations
caused the transformation of

austenite into martensite.

[27,28]
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Table 2. Cont.

Welding Methods
Chemical Composition
of Base Material wt.%

Process Parameters Mechanical Parameters Microstructure and Comments Reference(s)

Quenching and
Partitioning

+

Resistance Spot
Welding

QP980 steel
0.15–0.30% C;
1.5–3.0% Mn;
1.0–2.0%Si;
Electrode:

ISO 5821:2009
type B; �4 mm

Weld force:
5.8 kN, 1305 lbf
Weld pulse: 3

Sheet thickness: 1.6 mm
Cooling:

2 L/min; 0.5 gal/min

Hardness of base material:
300 HV.

After welding:
473–512 HV.

Shear strength increases
with current.

Welding defects such as cracks,
pores or shrinkage cavities were

not identified. The authors
assessed the overall shear

strength of welded joints as
good.

[30]

Quenching and
Partitioning

+

Laser Welding

QP980 steel
0.15–0.30% C;
1.5–3.0% Mn;
1.0–2.0% Si;

Energy: 3 kW
Speed: 5 m/mm
Cover gas: He

Gas flow: 15 L/min
Sheet thickness: 1.6 mm

After welding:
UTS = 1081 MPa

(Fracture in area of base
material)

Elongation: 7.3% (base
material: 10.3%)

No welding defects.
Weld area: low-carbon

martensite.
HAZ: martensite and ferrite.

[30]

Quenching and
Partitioning +

MAG

QP980 steel
0.15–0.30% C;
1.5–3.0% Mn;
1.0–2.0% Si;
Electrode:
ER110S

Energy: 3.6 kJ/cm
Speed: 35 cm/min

Cover gas:
80%Ar + 20% C02

Gas flow: 14 L/min
Sheet thickness: 1.6 mm

After welding:
UTS = 991 MPa

Hardness: <500 HV

No visible welding defects or
softened areas. [30]

Quenching and
Partitioning +

Resistance Spot
Welding+
simulation

0.42% C;
2.0% Si;
1.3% Cr;
0.8% Mn;

Welding Energy: 3.13/3.39 J
Nugget diameter: 7.26/7.33 mm

Sheet thickness: 1.2 mm

Base material:
UTS = 1841 MPa
YS = 1030 MPa
Hardened zone:

700 HV.
Softened zone in HAZ:

370 HV.
After welding:

Shear strength: 7–10 kN

The maximum process
temperature had a stronger

effect on hardness than heating
speed and heating time.

[34]

UTS—Ultimate
Tensile Strength YS—Yield Strength HAZ—Heat-Affected Zone PWRHT—Post-Weld

Rapid Heat Treatment

RITW—Rotary Impacting
Trailed Welding

ITW—Impacting Trailed
Welding

204



Appl. Sci. 2019, 9, 3798

4. Analysis of Microstructure Changes after the Welding Process

The mechanical properties of welded joints are related to the microstructure of welds and the
heat-affected zone. During welding processes, both the microstructure and grain size of the prior
austenite change as a function of the distance from the weld face. A thorough analysis of structural
changes may enable optimization of the welding parameters, which in turn will minimize zones with
adverse mechanical properties.

The following zones were distinguished in welded joints (Figure 3):

• Low-temperature heat-affected zone (LHAZ): between A1 temperature and the base material;
• High-temperature heat-affected zone (HHAZ): between the fusion line and A1 temperature;
• Fusion zone (FZ): located at the weld area.

 

A  A
 

Figure 3. Scheme of welded joint.

4.1. Low-Temperature Heat-Affected Zone

One of the main problems of welding nanostructured bainitic steels is the precipitation of cementite
in low-temperature heat-affected zones (LHAZs). Analogous to tempering processes, there are areas
located in the LHAZ that correspond to tempering at different temperature ranges. In Reference [6],
it was found that tempering at temperatures of up to 500 ◦C did not cause significant changes in
the hardness and microstructure of nanobainitic steels. However, during longer period of heating,
precipitation of cementite may occur at temperatures above 450 ◦C [35–38]. Areas of blocky austenite
at higher temperatures (above 550 ◦C) were decomposed to fine dispersive perlite, and austenite
with a film-like morphology was decomposed to ferrite and cementite due to the limited volume for
pearlite growth [38]. In this temperature range, the austenite completely decomposed [38]. Further
increases of the tempering temperature resulted in a ratio of ferrite and cementite that corresponded
to the equilibrium state and an increase in the width of the ferrite plates [39], which reduced the
mechanical properties. However, according to Podder and Bhadeshia [37], long-term tempering also
causes a significant decrease in the volume of austenite, which becomes less stable by the precipitate
of cementite. Then, austenite with a lower concentration of carbon was transformed to martensite
after cooling to an ambient temperature. There was also no segregation of alloying elements between
the ferrite/austenite phases during tempering [36]. In addition to research on the nanostructured CFB
bainite stability during tempering, in situ tests were carried out during the continuous heating of two
silicon-rich steels [40]. It was found that for a steel of 0.84C–2.26Mn–1.78Si–0.25Mo–1.55Co–1.47Cr,
austenite began to decompose at 400 ◦C, while for the alloy 1.04C–1.97Mn–3.89Si–0.24Mo–1.43Al,
decomposition began to occur at 580 ◦C. Therefore, the higher contents of silicon and aluminum in
the steel caused a higher stability in the austenite. In addition, tests performed during continuous
heating were closer to welding conditions than tempering over longer time periods. The differences
in the obtained results indicate the need for further research, especially during continuous heating.
In the context of welding processes, cooling to an ambient temperature or a regeneration temperature
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after subsequent heating stages is also important due to the fact that the mechanisms of austenite
decomposition can be significantly different.

Fang et al. [21] conducted research using a thermomechanical simulation of the LHAZ zone
at 400 ◦C for low- and high-energy welding with regeneration (Figure 4). The samples after
reaching 400 ◦C were cooled to the regeneration temperature (250 ◦C). In the initial steel consisting
of 0.82C–1.66Si–2.05Mn–0.22Cr–0.36Mo–1.06Ni, a typical nanobainitic structure consisting of thin
ferrite laths and austenite with a film-like morphology (and a small fraction of blocky austenite) was
also identified (Figure 5a). For the low-energy process, no significant differences were found when
compared to the base material. It was found that only short austenite structures with a film-like
morphology were decomposed to spheroidal precipitations of austenite (Figure 5b). In the case of
high-energy welding processes, the microstructure changed substantially. The short film-like austenite
completely decomposed, while the areas of long filmy austenite became discontinuous. Many spheroidal
precipitations also formed in the bainitic ferrite matrix (Figure 5c). According to the authors, the blocky
austenite in a high-energy welding process decomposes into a fine nanostructured bainite with a different
crystallographic orientation than the nearby bainite (Figure 5d). On the basis of investigations using
transmission electron microscopy, no precipitates of cementite were found in the nanostructured bainite
in the base material (Figure 6a). For the low-energy process, a small amount of cementite located at the
ferrite–austenite interface was identified (Figure 6b). For the high-energy process, a large amount of
cementite was found in the bainitic ferrite matrix with clearly increased widths of the laths (Figure 6c) [21].
However, in the presented research, the identification of cementite and its crystallographic orientation to
the matrix using electron diffraction was not determined. This would have provided knowledge on the
precipitation mechanism in steels with high carbon concentrations.

 

 

Figure 4. Thermal cycles simulation of the low-temperature heat-affected zone for low- and high-energy
welding processes [21].
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𝐴

Figure 5. Microstructure of 0.82C–1.66Si–2.05Mn–0.22Cr–0.36Mo–1.06Ni steel. (a) Initial microstructure;
(b) film-like morphology of the microstructure of the simulated low-energy welding process;
(c) degraded microstructure for the simulated high-energy welding process; (d) area of blocky austenite
for the high-energy welding process. Images produced via SEM [21].

 

 

𝐴

Figure 6. Bright field image of 0.82C–1.66Si–2.05Mn–0.22Cr–0.36Mo–1.06Ni steel. (a) Base material; (b)
low-energy welding process; (c) high-energy welding process. Images produced via TEM [21].

In References [19,21], it was found that the fracture after tensile strength tests was located in the
LHAZ, which indicates a significant impact of structural changes on this area. Welding and regeneration
parameters significantly affect the phase morphology after the welding process. Fang et al. [20] stated
that low-input energy processes are more advantageous when compared to high-input energy processes,
which is confirmed, apart from significant changes in the microstructure, by the results of tensile
strength tests of welds. For this reason, further research is necessary in order to reduce the most
unfavorable zones and to develop analyses of the mechanisms of decomposition in nanocrystalline
CFB structures in real welding process conditions.

4.2. High-Temperature Heat-Affected Zone and Fusion Zone

In the high-temperature heat-affected zone and fusion zone, as a result of high temperatures
(above A1), recrystallized austenite is formed, which during the rapid cooling after the welding process
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is transformed into brittle martensite. This is the main reason for the cold cracking of these steels [19].
Thus, the following analysis includes welds after regeneration aimed at reconstructing the structure of
the base material.

In the fusion zone, the columnar solidified structure characteristics for welding processes were
identified. The visible structure in the inter-dendritic areas differs from the structure of the base material
due to the segregation of carbon, chromium, and manganese [20]. In References [14,20], it was found that
unstable blocky austenite occurs in the inter-dendritic areas. It was also determined that in the FZ zone,
in addition to the coarse inter-dendritic structure, there is also a typical fine nanobainite structure and
blocky austenite [20]. However, the volume of austenite in the weld is lower than in the base material [20],
which can be explained by the reduction of the carbon content during welding [41] and, thus, by the
increased rate of bainite transformation.

The presence of less stable, coarse blocky austenite in both the FZ and HHAZ is the reason for
a significant reduction of impact toughness in relation to the base material [15,42,43]. On the other
hand, blocky austenite increases elongation due to the TRIP effect [6]. A more preferred morphology
is stable film-like austenite because it increases strength and fracture toughness. For this reason,
a large amount of blocky retained austenite in the FZ and HHAZ is undesirable. The temperature of
regeneration can affect the amount of retained austenite. It is known that increasing the temperature of
bainitic transformation increases the amount of retained austenite [44,45], in which case the welded
joints may increase the volume of unstable blocky austenite [20].

5. Conclusions

On the basis of current scientific knowledge, the methods of welding nanostructured bainitic steels
commonly used today were determined. This study focused on obtaining high strength parameters of
welded joints, often comparable with the base material. Problems and prospects for further research
were also presented.

5.1. Welding Process

The conducted research on the possibility of welding high-carbon nanostructured CFB steels
allowed for the determination of the requirements for welding parameters in order to achieve the
high-strength parameters of welded joints without weld metals:

• Before welding processes, pre-heating should be used at a temperature close to that of the bainitic
transformation. This prevents cold cracking and allows for control of the cooling process after the
welding process is finished.

• Welding process parameters should be characterized by low-input energy, which results in more
advantageous structural changes in the HAZ, less blocky austenite in the weld (fusion zone and
high-temperature affected-zone), and higher strength compared to high-input energy processes.

• In order to obtain high mechanical parameters, comparable to the base material, heat treatment
should be performed after the welding process which will reconstruct the NB CFB structure in the
welded joint. Regeneration should be designed similar to the previously conducted heat treatment
on the base material. It should be noted that an appropriate regeneration design should be based
on dilatometric research, because the regeneration technique requires the determination of real
phases of transformation temperatures and times.

• Long-term regeneration can be reduced by introducing deformation into the FZ, HHAZ, and
grain refinement. However, the implementation of these methods requires further research and
the design of appropriate equipment.

• The highest mechanical properties of welded joints can be obtained after welding in the delivery
(softened) state, and then after the conducted isothermal heat treatment that is aimed at obtaining
a nanocrystalline structure. There are no problems with the precipitation of cementite in the
heat-affected zone due to the complete recrystallization of the weld and the base material. However,
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this requires an additional technological process. In addition, due to the fact of their dimensions,
not all welded constructions can be heat treated.

5.2. Problems and Perspectives

Welding of high-strength and high-carbon nanobainitic steels is difficult in terms of many factors,
including welding parameters, heat treatment, choice of weld-metals, and microstructure. The main
problems, as well as prospects resulting from the conducted research, were identified:

• The weld materials so far proposed have shown satisfactory resistance for cold cracking when
using pre-heating, an ultimate tensile strength of up to 1200 MPa, and a structure consisting only of
austenite and ferrite phases in the weld. However, welding of high-carbon steels requires stronger
weld metals. Designing stronger weld metals, including those with a higher carbon concentration,
would allow for easier joining and a wider range of welding methods for nanobainitic steels,
which, until now, were welded without weld materials.

• The weakest zone of welded joints is the low-temperature affected-zone (LHAZ), where softening
occurs due to the decomposition of austenite. Welding parameters directly affect the resumption
of bainitic structures to the equilibrium state. However, the mechanisms of the austenite
decomposition process and the precipitation of cementite require further research. This research
should also involve real welding conditions. The development of a theory regarding these
processes could allow for the reduction of unfavorable zones.

• A disadvantage which is difficult to avoid is the grain growth due to the influence of high
temperatures, which results in lower mechanical properties. Analysis of the grain growth of
bainitic steels (containing silicon and the lack of elements forming carbides inhibiting the growth
of austenite grains) has not yet been described in detail.

• The required regeneration time to complete the bainite transformation is long (up to a few days),
which is a problem in industrial applications. Shortening the time requires further research
regarding the design of the chemical composition of base materials and weld metals, and also
improvement of the deformation process (austempering) and the kinetics of phase transformations
that depend on the regeneration parameters and grain size.

• To date, no residual stress research [46] on NB CFB welded joints has been presented. Due to
the complex welding process and the focus on maximizing mechanical properties, the effect of
residual stressors can be significant.

• Investigations on the mechanical properties of NB CFB welded joints did not include the aspect of
fatigue. Due to the possibility of using welded structures during fatigue conditions, such research
should be carried out in the future.
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