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Abstract: The bixbyite structure of In2O3 has two nonequivalent, 6-coordinate cation sites and,
when Sn is doped into In2O3, the Sn prefers the “b-site” and produces a highly conductive material.
When divalent/tetravalent cation pairs are cosubstituted into In2O3, however, the conductivity
increases to a lesser extent and the site occupancy is less understood. We examine the site occupancy in
the MgxIn2−2xSnxO3 and ZnxIn2−2xSnxO3 systems with high resolution X-ray and neutron diffraction
and density functional theory computations, respectively. In these sample cases and those that are
previously reported in the MxIn2−2xSnxO3 (M = Cu, Ni, or Zn) systems, the solubility limit is greater
than 25%, ensuring that the b-site cannot be the exclusively preferred site as it is in Sn:In2O3. Prior to
this saturation point, we report that the M2+ cation always has at least a partial occupancy on the
d-site and the Sn4+ cation has at least a partial occupancy on the b-site. The energies of formation for
these configurations are highly favored, and prefer that the divalent and tetravalent substitutes are
adjacent in the crystal lattice, which suggests short range ordering. Diffuse reflectance and 4-point
probe measurements of MgxIn2−xSnxO3 demonstrate that it can maintain an optical band gap >2.8 eV
while surpassing 1000 S/cm in conductivity. Understanding how multiple constituents occupy the
two nonequivalent cation sites can provide information on how to optimize cosubstituted systems to
increase Sn solubility while maintaining its dopant nature, achieving maximum conductivity.

Keywords: bixbyite; indium oxide; transparent conducting oxide

1. Introduction

Bixbyite indium oxide is the basis of industrially important n-type transparent conducting oxides,
which are in turn fundamental components of flat panel displays, touch screens, and solar cells [1–3].
Specifically, tin-doped indium oxide (ITO) is a highly effective transparent conducting oxide that
derives its desirable conductivity from the formation of Frank-Köstlin clusters [4]. The concentration
of these clusters are directly influenced by the solubility of tin in the bixbyite lattice. As higher
conductivities are being demanded of transparent conductors, increasing the solubility of tin in the
bixbyite structure is of interest.

One proven method to increase the solubility of tin in In2O3 is to perform a cosubstitution of M2+

and Sn4+ into In2O3, where M = Mg, Ca, Ni, Cu, Zn, or Cd, to form MxIn2−2xSnxO3 which maintains
the bixbyite structure of In2O3. In so doing, solubility limits as high as x = 0.5 can be achieved, which
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is approximately double the amount of tin in ITO [5,6]. This does not double the conductivity of ITO,
however, as the cosubstitution is not true doping because the tetravalent tin is counterbalanced by
a divalent cation when replacing two trivalent cations. A complete counterbalancing effect would
substantially decrease the conductivity when compared to ITO, but in some cases an inherent off
stoichiometry in the divalent and tetravalent cation is observed, which results in a dopant effect and
high conductivity [7].

In ITO, the dopant favors one of the two nonequivalent cation sites present in the bixbyite structure.
Both sites are 6-coordinate and can be described as a cube with two anion positions vacant along either
a body diagonal (b-site) or a face diagonal (d-site). Computational and experimental studies agree
that the tin in ITO favors the b-site [8–10]. The b-site comprises 25% of the cation sites in the bixbyite
structure, shown in Figure 1, which would inherently limit the solubility of tin, but the solubility limit
is actually lower, resulting in mixed indium and tin occupancy of the b-site. The solubility limits of
cosubstituted bixbyite, however, can occupy up to 50% of the cation sites and therefore must alter
the d-site either exclusively or in combination with the b-site. The impact of multiple constituents
(i.e., only Sn vs. M/Sn pairs) on the electronic properties has already drawn investigative interest,
particularly for M = Zn, but the importance of site occupancy has not yet been tied to either the multiple
constituents or the electronic properties [11,12]. The constituent identities and their site preferences
have been linked to crystal structure, however, as exhibited by the cosubstitution of Zn/Ge pairs.
In this instance, the system forms a single defined phase instead of a solid solution and departs from
the bixbyite structure in order to provide a 4-coordinate site for Ge [13].

Figure 1. The unit cell (black lines) of bixbyite In2O3 as viewed along the b axis, showing the locations
of the b-sites (opaque, orange, 25% of cation sites) and the d-sites (transparent, blue, 75%).

A thorough understanding of how multiple constituents occupy the two nonequivalent cation
sites in bixbyite can provide information on how to optimize the cosubstituted systems to increase
tin solubility while maintaining its dopant nature. Herein, the cosubstituted bixbyite system
MxIn2−2xSnxO3, with M = Mg or Zn, is evaluated and the site occupancies and electronic properties
are compared to each other and reported cosubstituted systems. The ZnxIn2−2xSnxO3 system
(commonly referred to as either ZITO or IZTO) is widely studied as a transparent conductor and the
electronic properties have been previously reported, but here it is investigated with a computational
approach that examines local site structure [6,11,14–19]. MgxIn2−2xSnxO3, in contrast, has been the
subject of a single bulk study and a thin film study and here is the subject of a more thorough structural
and property study [5,20]. Local coordination environments and site occupancies are difficult to
confidently determine with experimental techniques, which average sites in a bulk sample, and thus
computational approaches are more informative in these approaches. Both methods are presented
here and suggest that the b-site is still the more important site for the tetravalent cation and thus the
conductivity of these materials.
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2. Results

2.1. Solid Solution Characterization

The lattice parameters for as-synthesized MgxIn2−2x − SnxO3 (x ≤ 0.3) are determined by X-ray
diffraction (XRD) and the lattice parameters for ZnxIn2−2x − SnxO3 (x ≤ 0.5) are calculated via
density functional theory (DFT). Both sets of lattice parameters are provided in Figure S1 and the
XRD patterns used to calculate the parameters for MgxIn2−2x − SnxO3 are shown in Figure S2.
The lattice parameters exhibit linear decreases, following Vegard’s Law, as a result of the smaller
radii of Mg/Sn (0.72 Å/0.69 Å) and Zn/Sn (0.74 Å/0.69 Å) pairs compared to that of In/In (0.80 Å)
pairs [21–23]. The MgxIn2−2x − SnxO3 lattice parameters closely match those that have been previously
reported for the system, but the ZnxIn2−2x − SnxO3 lattice parameters are systematically expanded,
a somewhat common occurrence when DFT results are compared with experimental results [24,25].
The solubility limit of the Mg/Sn pairing (0.3) is slightly higher than previous reports (0.25) [5].
Surpassing the solubility limit in MgxIn2−2x − SnxO3 produces the easily identified SnO2 and MgO
phases. Off stoichiometry trials (i.e., where [Mg] �= [Sn]) were attempted, but were unsuccessful in
creating the Sn rich phases reported via thin film synthesis [20].

2.2. Mg0.1In1.8Sn0.1O3 Structural Refinement

A joint Rietveld refinement of synchrotron XRD and time-of-flight neutron diffraction (TOF-ND)
data for Mg0.1In1.8Sn0.1O3 (x = 0.1) is considered. The overall bixbyite structure is maintained and
the goodness-of-fit parameters for a joint Rietveld refinement of each probable occupancy pattern are
provided in Table 1. The Rietveld refinement and difference patterns are provided in Figure S3. As can
be observed, all of the occupancy patterns display similar fits, with differences in total Rwp values
being less than 0.0012. The χ2 and Bragg factors also display similar values. One factor that negatively
impacts the goodness of fit parameters for the XRD refinement is a systematic, asymmetric peak
shape with tails at lower d values. Such a shape is typically associated with stacking or deformation
faults. The fits discussed here do not account for this asymmetry, as the exact cause is unclear
and thus an appropriate model cannot be applied. Even without accounting for this asymmetry,
the fits are reasonable but maintain residual intensity on each reflection. Using Hamilton’s R test
with 45 refined parameters, 545 XRD reflections, and 1080 ND reflections, the difference between the
Rwp values ≥ 0.2208 and the Rwp values ≤ 0.2199 is statistically significant at the 0.5% level. That is,
the hypothesis that the fits without Mg on the d-site are correct is rejected [26]. The differences between
the remaining models, however, are not statistically significant. The qualitative assessment of the
difference patterns for these fits do not offer assistance in selecting a site. These data suggest that
a “correct” structural model must contain Mg on the d-site, but the exact quantity is unknown and the
Sn location is inconclusive. It is possible that this ambiguity arises from the aforementioned asymmetric
peak shapes that are not accounted for in the refinement, but it is also possible that introducing a model
to handle the asymmetry would decrease the ability to accurately discern occupancies, maintaining
the inconclusive results.

Table 1. Goodness of fit parameters for joint X-ray diffraction (XRD) and ND Rietveld refinement of
Mg0.1In1.8Sn0.1O3 with different cation occupancies. Indium occupies the remaining site percentages.

Mg Location (%) Sn Location (%) Rwp χ2 RF2

b-site d-site b-site d-site Total XRD ND XRD ND
20 0 0 6.67 0.2209 0.2694 0.0423 24.32 0.0947 0.1442
0 6.67 20 0 0.2198 0.2680 0.0426 24.09 0.0917 0.1528

20 0 20 0 0.2208 0.2692 0.0433 24.30 0.0940 0.1420
0 6.67 0 6.67 0.2198 0.2679 0.0431 24.08 0.0913 0.1544

10 3.33 10 3.33 0.2199 0.2681 0.0420 24.09 0.0898 0.1482
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2.3. ZnxIn2−2xSnxO3 Formation Energy Computations

The formation energies of ZnxIn2−2xSnxO3 for different values of x are calculated and provided
in Figure 2a. As the amount of substitutes increases, the favorability of the reaction decreases and the
results are prone to a higher variability. Even with this increased variability, the data set displays a
good linear fit for x > 0 until the final data point (x = 0.50) which changes the R2 value from 0.9817 to
0.9515. Note that previous reports place the experimentally determined solubility limit as x ≤ 0.4 in
ZnxIn2−2xSnxO3 [6]. The higher variability is a result of the greater possible variety of site occupancies
of the substitutes that are considered. These different occupancies are considered in Figure 2b for a
single Zn/Sn pair. A shorter Zn-Sn separation difference is the most favored configuration, regardless
as to the specific site occupancies. The relative favorability between the different site occupancies is
maintained with distance and the overall most favorable occupancy pattern is Zn present on the d-site,
Sn present on the b-site, and the Zn and Sn present in neighboring positions.

(a)  (b) 

Figure 2. Formation energies as a function of (a) cosubstitution amounts of ZnxIn2−2xSnxO3 and
(b) Zn-Sn separation for different site occupancies (i.e., “Zn b Sn b” represents Zn and Sn present on
the b site). The linear fit in (a) is for 0 < x < 0.5. All values in (a,b) are normalized to the −449.832 eV of
In2O3 (x = 0), thus the greater values have less favored formation energies.

2.4. MgxIn2−2xSnxO3 Conductivity and Band Gap Measurements

The original discovery of the MgxIn2−2xSnxO3 solid solution assessed the optical properties of
x = 0.05 and 0.25 and the temperature-dependent conductivity of x = 0.05. From this preliminary
characterization, the band gap is known to be similar to that of ITO, but the conductivity is
approximately one order of magnitude lower than that of ITO [5]. The Seebeck coefficients of the
as-synthesized materials (see Figure S4) have a negative parity, identifying the MgxIn2−2xSnxO3

system as n-type. In the original investigation, the samples were air quenched, but reduction
treatments of n-type TCOs are common practices for increasing oxygen defects and therefore the
conductivity and had not yet been performed. The room temperature conductivity of MgxIn2−2xSnxO3

before and after such a reduction procedure is shown in Figure 3 [27]. The conductivity of
as-synthesized MgxIn2−2xSnxO3 was previously reported to be on the order of 100 Ω · cm (equivalent
to 100 S/cm), but here, the conductivity of the as-synthesized MgxIn2−2xSnxO3 ranges from
5.8 × 101 S/cm−1 to 1.56 × 102 S/cm−1, which are orders of magnitude greater. Furthermore, upon
reduction, the conductivity of MgxIn2−2xSnxO3 can reach as high as 1064 S/cm, which makes that
specific composition (x = 0.05) of potential interest as a commercial TCO material. Most notable
is the severe drop in reduced conductivity from x = 0.05 to 0.1. Although conductivity typically
decreases with decreasing In content in cosubstituted In2O3, a decrease of such magnitude is
remarkable [11]. Powder XRD of the reduced samples do not exhibit any structural alterations, such as
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the emergence of secondary phases, that would account for the increased conductivity (relative to the
pre-reduction conductivity).
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Figure 3. The conductivity of MgxIn2−2xSnxO3 before (squares) and after (circles) reduction. Error bars
may be hidden by the data points. The point at x = 0 (pure In2O3) is reproduced from Reference [27],
which follows a similar sample preparation.

With the favorable conductivity, the optical properties of the MgxIn2−2xSnxO3 solid solution are
of interest and have also been assessed. Prior to reduction, pellets of MgxIn2−2xSnxO3 are pale yellow.
After reduction, the same pellets are blue-gray. The optical band gaps of these materials are displayed
in Figure 4 and, as can be observed, exhibit a ~0.1 eV increase upon reduction. Such an increase is
common in n-type TCOs, as the reduction procedure increases the number of carriers, as evidenced
by the increased conductivity, which enables a Burstein-Moss shift to occur, elevating the value of
the optical band gap [28,29]. The fact that these materials are still n-type is confirmed by the Seebeck
coefficients of the reduced samples (Figure S4), as they are negative. As mentioned in the discovery
of the MgxIn2−2xSnxO3 system, the optical properties compare favorably with those of ITO. Thus the
MgxIn2−2xSnxO3 solid solution can display both a high transparency and conductivity.

 

Figure 4. Optical band gaps of the MgxIn2−2xSnxO3 solid solution before (squares) and after
(circles) reduction.
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3. Discussion

The greatest question facing a complete structural solution of the MgxIn2−2xSnxO3 system is the
location(s) of the substituting elements. As demonstrated in Table 1, the joint Rietveld refinement
does not provide a definite occupancy of the structure. The structurally characterized members of
the MxIn2−2xSnxO3 (M = Ca, Ni, Cu, Zn, or Cd) family can be considered for guiding which of the
aforementioned occupancy models is most accurate and the site occupancies of those that have been
structurally characterized (M = Ni, Cu, Zn) are provided in Table 2. In all cases where Rietveld
refinement of X-ray and neutron data were used, (1) a substantial amount of the M2+ substitute is
present on the d-site; (2) there is some Sn4+ present on the b-site; and (3) the majority of M2+ is present
on the site with the minority of Sn4+. Unlike these overarching trends, relative site concentrations vary
significantly, with a majority of M2+ being able to be present on either the b-site (M = Ni) or the d-site
(M = Cu, Zn) and Sn4+ being entirely confined to the b-site (M = Cu) or nearly confined to the d-site
(M = Ni). In the similar In2−xX2x/3Sbx/3O3 (X = Zn or Cu) system, however, Sb5+ only occupies the b-site,
which is similar to the occupancy of Sn4+ in ITO and one of the best fits for Mg0.1In1.8Sn0.1O3 [9,10,30]
With the similar goodness-of-fit parameters for the different occupancy models of Mg0.1In1.8Sn0.1O3,
and the lack of a distinguishing trend in the MxIn2−2xSnxO3 family, the most reliable conclusion from this
structural investigation is that there must be some Mg on the d-site in Mg0.1In1.8Sn0.1O3.

Table 2. Site occupancies of reported cosubstituted bixbyite phases. Indium occupies the remaining
site percentages.

Material
M Location (%) Sn Location (%)

Methodb-site d-site b-site d-site

Cu0.275In1.45Sn0.275O3 14 14 55 0 Rietveld Refinement—Neutron and X-ray [5]
Ni0.5InSn0.5O3 65 11 2 33 Rietveld Refinement—Neutron and X-ray [5]
Zn0.1In1.8Sn0.1O3 No ordering, randomly distributed Extended X-ray Absorption Fine Structure [14]
Zn0.2In1.6Sn0.2O3 No ordering, randomly distributed Extended X-ray Absorption Fine Structure [14]
Zn0.25In1.5Sn0.25O3 18 11 50 0 Rietveld Refinement—Neutron and X-ray [5]
Zn0.3In1.4Sn0.3O3 No ordering, randomly distributed Extended X-ray Absorption Fine Structure [14]
Zn0.4In1.2Sn0.4O3 No ordering, randomly distributed Extended X-ray Absorption Fine Structure [14]

As shown in Table 2, the M = Zn system has been structurally characterized previously, but the
reported occupancies are in conflict. Powder XRD studies suggest that Sn4+ only occupies the b-site,
but additional studies with extended X-ray absorption fine structure (EXAFS) analysis have shown that
both Zn and Sn are statistically distributed over the two available sites, with the probable formation
of Sn clusters [5,14,15]. These contradicting results and the difficulty in definitively determining the
site occupancies in MgxIn2−2xSnxO3, which is likely exacerbated by a microstructure disorder that
results in the asymmetric peak shapes, suggest that an approach that avoids these difficulties is needed.
Computational chemistry offers such a solution and the formation energies of different occupational
models of ZnxIn2−2xSnxO3 are calculated to seek a guiding principle and are provided in Figure 2b.
Regardless as to the site occupancies, the higher the degree of separation, the lower the favorability of
the formation, suggesting short range ordering may be present. The most favored points are when Zn
and Sn are separated by 3.5769 Å, which translates to Zn and Sn being present in adjacent cation sites.
Of the configurations that can have Zn and Sn adjacent, the mixed configurations, specifically when Zn
is on the d-site and Sn is on the b-site, are most favored. These findings corroborate earlier reports of the
stability of Zn on the d-site and Sn on the b-site. In the prior study, however, substitution on solely the
b- or d-site was not mentioned [12]. This also fits with what is currently known experimentally, as Sn
prefers the b-site in ITO and M2+ is always present on the d-site in MxIn2-2xSnxO3. The inverse of these
trends, when Sn is only present on the d-site and Zn is only present on the b-site are far less favored.
Furthermore, the least favored configuration is when the b-site is not substituted, again suggesting
that ITO’s trends are still apparent in the cosubstituted systems. Interestingly, the stability switches
to complete b-site substitution once the larger separations are considered. This suggests that local
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M2+/Sn4+ interactions stabilize the structure, but the b-site is energetically favored if the interactions
are negligible.

4. Materials and Methods

4.1. MgxIn2-2xSnxO3 Sample Preparation

Samples of MgxIn2−2xSnxO3 (x = 0.05, 0.1, 0.15, 0.2, 0.25, and 0.3) were prepared by mixing
stoichiometric quantities of MgO, In2O3, and SnO2 via a Fritsch planetary ball mill using agate media
at 600 rpm for 4 cycles of 15 min, with pauses of 5 min between cycles. MgO was subjected to
thermogravimetric analysis prior to this preparation and no carbonates or hydroxides were detected.
Each sample was pressed into six, 13 mm in diameter cylindrical pellet under 16000 psi, buried in
sacrificial powder in separate nested alumina crucibles, and heated to 1300 ◦C at a rate of 5 ◦C per min.
The temperature was held at 1300 ◦C for 28 h before being cooled to 25 ◦C at a rate of 5 ◦C per min.
Reduced samples were prepared on beds of sacrificial powder in alumina boats and ramped to 500 ◦C
at a rate of 5 ◦C per min, dwelled at 500 ◦C for 7 h, and cooled to room temperature at a rate of 5 ◦C
per min under a 5% hydrogen atmosphere (argon balance).

4.2. MgxIn2−2xSnxO3 Sample Characterization

Structure studies were performed with X-ray and neutron diffraction. A sample of
Mg0.1In1.8Sn0.1O3 was prepared as a 2.54 cm cylindrical pellet and treated to the same procedure
as above, but was not subjected to the reduction treatments. Instead, it was reground in the ball mill
using tungsten carbide media at 600 rpm for 3 min and placed into a cylindrical (diameter = 6 mm)
vanadium can and time-of-flight ND data were collected at the POWGEN beamline at the spallation
neutron source at Oak Ridge National Laboratory. All data were collected at 26.85 ◦C with a central
wavelength of 1.066 Å. Another portion of this sample was packed into a cylindrical Kapton capillary
(inner diameter = 0.8 mm) and both ends were sealed with Q Compound (Apiezone). Synchrotron XRD
data were collected at 11-BM on the advanced photon source at Argonne National Laboratory with
a wavelength of 0.459 Å at 26.85 ◦C. Structural determinations used these data in joint Rietveld
refinements via EXPGUI using GSAS [31,32]. One of the six pellets of each composition was removed
after firing and a second pellet was removed after the reduction. Each pellet was ground in an agate
mortar and pestle with ~10% silicon by mass, packed onto a flat glass slide, and subjected to Cu
radiation in an Ultima IV (Rigaku, Tokyo, Japan) X-ray diffractometer. Scans were taken with 2θ
beginning at 10 and ending at 70. The non-reduced patterns were the input used to calculate lattice
parameters via whole pattern fitting (MDI Jade 2010). Silicon was used as an internal standard to
correct for instrumental offset.

Conductivity studies were performed with a four-point probe. The sheet resistance of each pellet
was measured after firing and reduction at five different locations on each face at room temperature
using a four-point probe (Model 280PI, Four Dimensions, Inc. Hayward, CA, USA). Sample dimensions
and masses were taken at each step to apply geometry and thickness corrections and the sheet resistance
was converted to bulk conductivity [33]. Additionally, a porosity correction following the Bruggeman
symmetric medium model was applied to each result, assuming that the air in the pellet acts as
an insulating phase, following the same procedure as reported previously [13,34].

Band gaps were determined via diffuse reflectance. The diffuse reflectance of each pellet was
measured from 250 to 800 nm at room temperature using a Lambda 1050 UV-Vis spectrophotometer
with an integrating sphere attachment (PerkinElmer, Inc. Waltham, MA, USA) after firing and reduction.
Background spectra were performed on compacted polytetrafluoroethylene. Optical band gaps were
calculated by converting diffuse reflectance into Kubelka-Munk notation and approximating the optical
band gap as the intersection of a linear extrapolation of the band edge and a linear extrapolation of the
background [35–37].
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Seebeck coefficients were measured on a Seebeck Measurement System (MMR Technologies,
San Jose, CA, USA). Pre-and post-reduced samples were prepared as cylindrical pellets as described
above. These were then cut down to ~1 mm × ~1 mm × ~5 mm rectangular prisms and mounted on an
alumina stage with silver paste. Five measurements were taken every 15 ◦C between 305 K and 590 K.

4.3. ZnxIn2-2xSnxO3 Computational Procedure

The structural energies and electronic properties were calculated using spin restricted DFT
employed through the Vienna ab initio simulation package (VASP) [38–41]. Plane augmented
wave (PAW) pseudopotentials were used with Perdew-Becke-Ernzerhof (PBE) exchange-correlation
functionals [42]. A 2 × 2 × 2 k-point grid and an energy cutoff of 400 eV were used in initial
structural relaxations. The final grid was augmented (up to 5 × 5 × 5) to guarantee adequate energy
precision to distinguish between differing site configurations. Full 80 atom bixbyite unit cells were
used, with varying amounts of pairwise zinc and tin substitution on the indium sites. To reduce
computational costs, structural relaxations were mainly performed with tin and indium d-electrons in
the pseudopotential core. Static calculations on relaxed cells were performed with indium d-electrons
in the valence space to obtain possibly more accurate total energy values, and to assess possible effects
on spectroscopic properties. Zinc d-states were always treated as valence, as the Zn d-band falls only
a few eV below the Fermi energy. Although quantitative energies changed somewhat, energy ordering
with respect to doping and ordering of structures was essentially unaltered. In retrospect, it was found
that inclusion of the nominally fully occupied d10 shells of In, Sn and Zn in the valence space was
useful in interpreting covalent contributions to bonding, and in elucidating subtle features of the
optical densities of states.

5. Conclusions

In summary, we performed a thorough computational examination of ZnxIn2-2xSnxO3 and
an experimental examination of MgxIn2−2xSnxO3 to determine site preferences of the substituting
atoms. In both instances, and the prior reported materials MxIn2−2xSnxO3 (M = Ni, Cu, or Zn), a M2+

presence on the d-site of bixbyite and a Sn4+ presence on the b-site are suggested. Furthermore,
the formation energies of ZnxIn2−2xSnxO3 suggest a short range neighbor pairing of Zn and Sn.
Property characterizations of MgxIn2−2xSnxO3 demonstrate that a reduction treatment makes its
conductivity and optical properties much more competitive as a transparent conductor while
continuing to be n-type despite the counterbalancing effect of Mg2+.

Supplementary Materials: The following are available online at www.mdpi.com/2073-4352/7/2/47/s1,
Figure S1: Lattice Parameters of MgxIn2−2xSn2O16 and ZnxIn2−2xSn2O16, Figure S2: XRD patterns of
MgxIn2−2xSn2O16, Figure S3: Rietveld Refinement Pattern for Mg0.1In1.8Sn0.1O16, Figure S4: Seebeck Coefficients
of MgxIn2−2xSn2O16.
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Abstract: Lead-free, high piezoelectric performance, Ba(Zr0.2Ti0.8)O3-0.5(Ba0.7Ca0.3)TiO3 (BZT-0.5BCT)
sub-micron powders with perovskite structure were fabricated using the sol-gel process. A 0–3 type
composite was obtained by choosing epoxy resin as matrix and BZT-0.5BCT, acetylene black as
functional phases. Particular attention was paid to the damping behavior of composite with different
content of BZT-0.5BCT powders, the influence of frequency and loading force on the damping
properties were also analyzed. A mathematical model was developed to characterize the damping
properties of the composites. It found that the piezoelectric effects and interfacial friction play a key
role in damping behavior of composites, and a large dissipated loss factor of tanδ was found at the
BZT-0.5BCT content of 20 vol %.

Keywords: lead-free piezoelectric composites; vibration absorber; damping properties

1. Introduction

Unwanted vibrations may result in the fatigue and failure of structures from concrete steel
buildings to precision instruments; therefore, vibration reduction and noise control is a serious
engineering challenge. Much effort has been expended in attempting to minimize mechanical
vibrations [1–4]. One of the approaches is to use damping materials to limit the vibration [5,6].
Viscoelastic material damping is recognized to make a contribution to energy loss due to hysteresis
caused by internal sliding of the molecule chain. Thus, it is expected that the polymer possesses a
broad, high damping peak applied to damping applications [7]. However, this is difficult or impossible
for a single polymer because the height and width of the loss peak cannot be independently adjusted.
Composites with piezoelectric materials contained showed excellent damping properties with wide
temperature range and have attracted ever-greater attention [8,9].

Piezoelectric materials such as lead zirconate titanate (PZT), lead magnesio niobate (PMN),
barium titanate (BT), zinc oxide (ZnO), poly(vinylidene fluoride) (PVDF), etc., have been intensively
investigated for great ability of converting mechanical energy into electricity [10–14]. The electric
energy can be dissipated through an external resistance in piezo-damping composites [15]. Hori et al.
exploited a damper material which is composed of PZT powders, conductive carbon (CB) powders
and epoxy (EP) resin, and studied their damping properties and the effects of CB content on the
loss factor [16]. Tang et al. prepared a series of BaTiO3 filled polyurethane (PU)/unsaturated
polyester resin (UP) interpenetrating polymer networks (IPNs) and explored the relationship between

Crystals 2017, 7, 105 11 www.mdpi.com/journal/crystals



Crystals 2017, 7, 105

dielectric properties and damping properties of the mixtures [17]. Malakooti et al. fabricated vertically
aligned ZnO nanowires on nanofillers and produced hybrid carbon fiber composites. The results
showed that the morphology-controlled interphase between reinforcement and matrix not only
exhibited remarkable damping enhancement but also stiffness improvement [18]. Recently, a lead-free
Ba(Zr0.2Ti0.8)O3-x(Ba0.7Ca0.3)TiO3 (BZT-xBCT) piezoelectric system with optimal composition of x = 0.5
was reported to show outstanding room temperature piezoelectricity with the piezoelectric coefficient
d33 = 560–620 pC/N which is comparable to PZT [19]. Zhou, et al. developed a scalable method
to synthesize perovskite type 0.5Ba(Zr0.2Ti0.8)O3–0.5(Ba0.7Ca0.3)TiO3 (BZT–BCT) NWs with high
piezoelectric coupling coefficient (90 pm/V) and the energy harvesting performance of the BZT–BCT
NWs were demonstrated by fabricating a flexible nanocomposite exhibiting a high power density
(2.25 μW/cm)[20]. Wu et al. synthesized a new kind of lead-free 0.5Ba(Zr0.2Ti0.8)O3–0.5(Ba0.7Ca0.3)TiO3

(BZT–BCT) NWs with high piezoelectric coefficients through the electrospinning method and
subsequent calcining process which could harvest weak mechanical movement energy and generated
an output voltage of 3.25 V and output current of 55 nA [21]. Therefore, there is much promise in such
a high-performance lead-free piezoelectric material used in polymer-based damping materials through
forming the composites containing piezoelectric phase and polymer matrix.

In this paper, we added BZT-0.5BCT powders and acetylene black powders into epoxy resin,
and fabricated a series of piezo-damping composites through solution blending. In line with the
corresponding ceramic counterpart, BZT-0.5BCT shows the highest value of Pr (22.15 mC/cm2) and
fairly low Ec (68.06 kV/cm) [22]. The effects of different contents of BZT-0.5BCT, frequency and loading
force on damping properties were investigated. A mathematical model was established to understand
the piezoelectric damping mechanism in the composites.

2. Results and Discussions

Figure 1 shows the XRD patterns of the three BZT-0.5BCT/acetylene black/epoxy composites.
It can be observed that without addition of piezoelectric phase, Epoxy E51 shown amorphous phase,
with addition of 20 vol %, 40 vol % and 60 vol % piezoelectric material. All samples show the
polycrystalline perovskite phase.

Figure 1. X-ray diffractometer (XRD) patterns of composites with different content of piezoelectric phase.

The particle distribution of the BZT-0.5BCT powder incorporated in the 0–3 epoxy-based
piezoelectric composites was measured with sub-micron particle size analysis. According to the
cumulative curve given in Figure 2a, the average grain size was around 500 nm. Figure 2b–d present
the typical SEM image of the cross-section of the composite with 20 vol %, 40 vol % and 60 vol %
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powders contained, respectively. It can be clearly observed that with the increase of piezoelectric
phase, most oval BZT-0.5BCT particles and conductive acetylene black were uniformly dispersed in the
matrix of Epoxy resin. A small amount of reunion, the grain size of piezoelectric phase was consistent
with that in Figure 2a. However, when the volume fraction reached up to 60%, the nanoparticles
tended to agglomerate due to too high content of the piezoelectric phase.

 

Figure 2. Typical particle size distribution histogram of Ba(Zr0.2Ti0.8)O3-0.5(Ba0.7Ca0.3)TiO3 (BZT-0.5BCT)
powders (a); Typical SEM image of composite with 20 vol % (b), 40 vol % (c) and 60 vol % (d)
BZT-0.5BCT powders contained.

DMA tests generally characterize the damping properties of materials such as the storage modulus
(E′) as measurement of dynamic stiffness, loss modulus (E”) as a measurement for energy dissipation
and the tangent of phase angle between the stress and strain vectors linking these two moduli (tan δ).
Damping loss factor reflects an ability of converting the mechanical energy into heat energy when
the material is subjected to external cyclic loading. Figure 3 shows the effect of different BZT-0.5BCT
content on the loss factor of the composites when the preload fixed at 0.5 N and frequency 10 Hz. In the
vicinity of the glass transition temperature (Tg) of the composites, the peaks shifted with variation of
composing component.

Figure 3. Loss factor-temperature curves of composite with different BZT-0.5BCT content.
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Detailed damping properties are shown in Table 1. It indicated when different volume fraction
BZT-0.5BCT (20%, 40% and 60%) was added to epoxy resin, the maximum loss factor and the effective
temperature region initially increase and then decrease as the increase of the piezoelectric phase within
our limited test range. The damping property of the composites resulted from comprehensive function
of interfacial friction dissipation, retarded motion of polymer macromolecular and the piezoelectric
effect. Because of the piezoelectric effect of BZT-0.5BCT powder, mechanical energy changes into
electrical energy when the composites were subjected to external vibration. During the glass transition
region, the composite chain movement happened under the impact load, and the piezoelectric effect
of the piezoelectric phase consumed a strong response to the load which resulted in the maximum
hysteresis damping and maximum lost energy. When BZT-0.5BCT powders content ranges from
20 to 40 vol %, the interaction between the piezoelectric phase and epoxy matrix became stronger
and limitation for piezoelectric powder to the polymeric segmental relaxation would enhanced.
Meanwhile, Tg grew from 71.8 ◦C to 87.5 ◦C as a result and widened the effective temperature range.
However, when the volume fraction of the nanoparticles is 60%, a large number of two-phase interfaces
formed and the epoxy resin molecules in the vicinity of the interface layer was blocked from moving,
which led to the piezoelectric effect not being able to be fully utilized and a reduction of the dissipated
energy. Only when the volume fraction of BZT-0.5BCT was 0.2 can the combined effects contribute to
the most powerful enhancement of damping properties. The maximum loss factor was 0.846 when the
effective temperature range was maximum.

Table 1. Damping Properties of Composites with Different BZT-0.5BCT Powders Content.

Volume Fraction
(vol %)

Maximum Loss Factor
(tan δmax)

Glass Transition
Temperature Tg (◦C)

Temperature Range
(tan δ > 0.3) (◦C)

0 1.135 71.8 62.6~90.1(27.5)
20 0.846 84.9 71.7~101.3(29.6)
40 0.857 87.5 74.8~103.9(29.1)
60 0.826 86.7 75.1~100.7(25.6)

Figure 4 and Table 2 show the damping properties of composite with 40 vol % BZT-0.5BCT
powders under multi-frequency (1, 2, 4, 10 and 20 Hz). The maximum loss factor, glass transition
temperature and the effective temperature range were all improved when the frequency gets higher
and there was a trend of stability. The higher frequency speeded up the molecular chain movement
and enhanced the piezoelectric activity of the BZT-0.5BCT powders, thus causing the improvement in
the damping properties and the right shift of the peaks in the tan δ curves.

Figure 4. Loss factor-temperature curves of composites at multi-frequency.
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Table 2. Damping Properties of Composite at Different Frequency.

Frequency
(Hz)

Maximum Loss
Factor (tan δmax)

Glass Transition
Temperature Tg (◦C)

temperature Range
(tan δ > 0.3) (◦C)

1 0.803 76.6 66.3~88.5(22.2)
2 0.835 80.3 68.8~94.2(25.4)
4 0.848 84.0 71.9~97.7(25.8)
10 0.858 87.4 74.8~103.8(29.0)
20 0.869 88.2 74.1~105.7(31.6)

Figure 5 and Table 3 show the effects of loading force of composite with 20 vol % addition of
BZT-0.5BCT powders with the loading force ranging from 0.5 N to 4 N. The maximum damping factor
increased when the loading force was raised. Meanwhile, Tg increased at first then remained more
or less the same. The effective temperature range of the composite showed almost no change, and
reached a peak at the loading force of 4 N.

Figure 5. Loss factor-temperature curves of composites with different loading force.

Table 3. Damping Properties of Composite at Different Loading Force.

Loading Force
(N)

Maximum Loss
Factor (tan δ)

Glass Transition
Temperature Tg (◦C)

Temperature Range
(tan δ > 0.3) (◦C)

0.5 0.847 84.9 71.7~101.3 (29.6)
1 0.863 86.4 72.4~101.6 (29.2)

1.5 0.871 87.3 74.1~102.9 (28.8)
2 0.874 88.6 75.1~103.7 (28.6)

2.5 0.876 88.5 75.0~103.7 (28.7)
3 0.879 88.5 75.0~103.7 (28.7)

3.5 0.875 85.0 71.3~100.6 (29.3)
4 0.884 87.3 74.3~101.9 (27.6)

The composites behavior shown with different loading force is not like that of a conventional
viscoelastic body [23]. When samples were with the preload force, the bond length and bond-angle
of epoxy polymer’s molecular chain would change as a tensioning process, which would cause an
obstacle to the deformation of the composites. The deformable parts in the matrix become smaller
while the preload force increases. On the other hand, when the preload force raises, the piezoelectric
effect and the interface friction would enhance, causing an increase in the maximum loss factor. Tg and
effective temperature region mostly depended on the chain segment movement of epoxy so the peaks
in tanδ curves shift slightly to the right side. We can speculate that the piezoelectric effect and interfacial
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friction mainly contribute to composites’ damping properties when the piezoelectric ceramic volume
fraction exceeds 0.2. The damping capacity was enhanced by piezo-damping as the piezoelectric effect
enlarged in the piezoelectric ceramic when the loading force increased. However, the changing range
was lower.

To understand the damping mechanism in the piezoelectric/polymer composites, we can analyze
the components and electric circuit in the piezoelectric composite. The damping function of the
piezoelectric composite mainly originates from three parts: the viscoelastic damping of the epoxy
resin, the interface friction damping between the matrix and the fillers, and piezoelectric damping of
BZT-0.5BCT powders. As for the piezoelectric damping, the ceramic powders first generate electric
energy upon deformation and then dissipate them as thermal energy through the conductive matrix.
For the piezoelectric/polymer composites, we can assume that each piezoelectric particle was in contact
with the matrix as shown in Figure 6, and could be equivalent to a RLC circuit in a parallel connection.
Figure 7 shows a mathematical model of the BZT-0.5BCT/acetylene black/epoxy composite with 0–3
connectivity that is the equivalent circuit between them. Then an adjustable resistance was used to
simulate the conductivity of the polymer matrix and we supposed there were n piezoelectric particles.

 

Figure 6. Schematic representation of composite.

Figure 7. Equivalent circuit of composite.

When a force is applied to the composite, in a single circuit unit an alternating voltage Vn

produced by piezoelectric powder is generated and the electric energy is dissipated by the resistance R.
The impedance (Z) in the circuit cell is

Zn = R +
1

jωLn +
1

jωCn
+ Rn

(1)
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the consumption energy (Wn) by R is expressed as

Wn =
V2

n ·R[
R + Rn

R2
n+(ωL− 1

ωC )
2

]2
+

[
ωL− 1

ωC

R2
n+(ωL− 1

ωC )
2

]2 (2)

When it works at a resonance frequency,

L =
1

ωC
(3)

Wn takes a maximum value in Equation (2), that is

Wn =
V2

n ·R(
R + 1

Rn

)2 (4)

For the piezoelectric effect of piezoelectric materials, the mechanical energy transferred into
electrical energy. Then it conversed into heat consumption through the conductive pathways and the
load in composite materials. This indicated that the piezoelectric damping of composite was in closer
association with the content of BZT-0.5BCT powders, frequency and the force, as the piezoelectric
phase content directly affects the value of n and the loading force has an influence on the voltage (Vn).

3. Materials and Methods

BZT-0.5BCT nanopowders were prepared by a sol-gel process. The starting reagents were
analytical graded barium acetate [Ba(CH3COO)2], calcium acetate monohydrate [Ca(CH3COO)2·H2O],
tetrabutyl titanate [Ti(OC4H9)4], zirconium oxynitrate [ZrO(NO3)·2H2O], complexing agent of glacial
acetic acid and solvent of 2-methoxyethanol. After obtaining sol solution, the dry gel was ground and
followed post heat-treatment, then piezoelectric sub-micron powders were obtained.

The epoxy resin matrix (E-51) used in this research was provided by Wuxi Xinmeng Co. Ltd.
(Wuxi, China) and acetylene black powders were provided by Taiyuan Yingze battery sales department
(Taiyuan, China). To improve the surface lipophilic, BZT-0.5BCT powders were firstly treated by
silane coupling agents and absolute alcohol. Conductive acetylene black was added into epoxy resin
and mixed, then the pretreated piezoelectric powders and curing agents were added and stirred
thoroughly under vacuum. The homogeneous viscous mixture was poured into a mold and solidified
at 80 ◦C for 2 h. The BZT-0.5BCT/acetylene black/epoxy composite was obtained when cuing finished.
The composite was cut, and poled. The three different composites fabricated contain 2 wt % acetylene
black and 20, 40 and 60 vol % piezoelectric powders, respectively. Five 20 mm × 3 mm × 2 mm
samples were fabricated for dynamic mechanical analysis.

The phase and morphology observations of composites were examined by X-ray diffractometer
(XRD, Bruker D8 Discover) with Cu-Kα (1.5406 Å), tube voltage (40 kV), tube current
(100 mA), scanning speed (0.15 degrees/s) and Field emission scanning electron microscope
(FESEM, FEI Sirion-200). The damping properties of materials represented by the value of loss factor
(tanδ) were carried out using Dynamic Mechanical Analyzer (DMA, TA-Q800). The measurements
were made at different frequency and loading force in the temperature range of 0~120 ◦C at a heating
rate of 2 ◦C/min with multi-frequency-strain mode.

4. Conclusions

In this work, 0–3 BZT-0.5BCT/ acetylene black/epoxy composites with different volume fraction
ratio were prepared via sol-gel process and pouring method. The microstructure and morphology of
composites were studied and the damping properties of the composite with different volume fraction,
frequency and loading force were mainly related. The addition of piezoelectric phase intrinsically
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broadens its effective temperature region from 27.52 ◦C to 29.56 ◦C with only 20 vol % BZT-0.5BCT
powders added and spurred the glass transition shift to a high temperature section. The composite
damping ratio is a sum of the polymer damping and piezo-damping. The piezo effect and interfacial
friction play a major role in damping capacity of the piezoelectric-damping composites when the
piezo-ceramic volume fraction exceeds 0.2. The maximum loss factor rose as the content of BZT-0.5BCT
powders, frequency and loading force reached a threshold level. The composites show less sensitivity
to stress due to the fact that the BZT-0.5BCT powders can retain their piezoelectric properties in
comparison to polymer damping materials. Also, an equivalent circuit was established to understand
the mechanism of the piezoelectric damping properties.

Acknowledgments: This work is financially sponsored by Natural Science Foundation of China (Grants No.
51002029). Part of this work was supported by the GRENE (Green Network of Excellence) project by Ministry of
Education, Culture, Sports, Science and Technology-Japan.

Author Contributions: Zengmei Wang and HuanHuan Wang conceived and designed the experiments;
Huanhuan Wang performed the experiments; Wenyan Zhao and Hideo Kimura analyzed the data; Wenyan Zhao
revised the paper.

Conflicts of Interest: The founding sponsors had no role in the design of the study; in the collection,
analyses, or interpretation of data; in the writing of the manuscript, and in the decision to publish the results.

References

1. Amick, H.; Gendreau, M. Construction vibrations and their impact on vibration-sensitive facilities.
ASCE Constr. Congr. 2000. [CrossRef]

2. Yu, X.; Fu, Y. Dynamic analysis of damage behavior of vibration compaction on concrete bridges.
In Proceedings of the Seventh International Conference on Traffic and Transportation Studies,
Kunming, China, 3–5 August 2010.

3. Alavinasab, A.; Padewski, E.; Holley, M.; Jha, R.; Ahmadi, G. Damage Identification Based on
Vibration Response of Prestressed Concrete Pipes. In Proceedings of the ASCE Pipelines Conference:
Climbing New Peaks to Infrastructure Reliability—Renew, Rehab, and Reinvest, Keystone, CO, USA,
28 August–1 September 2010.

4. Fan, W.; Qiao, P. Vibration-based damage identification methods: A review and comparative study.
Struct. Health Monit. 2011, 10, 83–111. [CrossRef]

5. Kwak, G.H.; Inoue, K.; Tominaga, Y.; Asai, S.; Sumita, M. Characterization of the vibrational damping loss
factor and viscoelastic properties of ethylene–propylene rubbers reinforced with micro-scale fillers. J. Appl.
Polym. Sci. 2001, 82, 3058–3066. [CrossRef]

6. Saravanan, C.; Ganesan, N.; Ramamurti, V. Vibration and damping analysis of multilayered fluid filled
cylindrical shells with constrained viscoelastic damping using modal strain energy method. Comput. Struct.
2000, 75, 395–417. [CrossRef]

7. Skandani, A.A.; Masghouni, N.; Case, S.W.; Leo, D.J.; Al-Haik, M. Enhanced vibration damping of carbon
fibers-ZnO nanorods hybrid composites. Appl. Phys. Lett. 2012, 101, 73–111.

8. Guo, X.J.; Zhang, J.S.; Xu, D.Y.; Xie, X.C.; Sha, F.; Huang, S.F. Effects of PMN Volume Fraction on the Damping
Properties of 1–3 Piezoelectric Damping Composites. Appl. Mech. Mater. 2014, 624, 8–12. [CrossRef]

9. Suhr, J.; Koratkar, N.A.; Ye, D.; Lu, T.M. Damping properties of epoxy films with nanoscale fillers. J. Intell.
Mater. Syst. Struct. 2006, 17, 255–260. [CrossRef]

10. Anton, S.R.; Sodano, H.A. A review of power harvesting using piezoelectric materials (2003–2006).
Smart Mater. Struct. 2007, 16, R1. [CrossRef]

11. Ren, B.; Or, S.W.; Zhang, Y.; Zhang, Q.; Li, X.; Jiao, J.; Wang, W.; Liu, D.; Zhao, X.; Luo, H. Piezoelectric energy
harvesting using shear mode 0.71Pb(Mg1/3Nb2/3)O3–0.29PbTiO3 single crystal cantilever. Appl. Phys. Lett.
2010, 96, 083–502. [CrossRef]

12. Deng, Z.; Dai, Y.; Chen, W.; Pei, X.; Liao, J. Synthesis and characterization of bowl-like single-crystalline
BaTiO3 nanoparticles. Nanoscale Res. Lett. 2010, 7, 1217–1221. [CrossRef] [PubMed]

13. Wang, X.D.; Song, J.H.; Liu, J.; Wang, Z.L. Direct-current nanogenerator driven by ultrasonic waves. Science
2007, 5821, 102–105. [CrossRef] [PubMed]

18



Crystals 2017, 7, 105

14. Klimiec, E.; Zaraska, W.; Zaraska, K.; Gasiorski, K.P.; Sadowski, T.; Pajda, M. Piezoelectric polymer films as
power converters for human powered electronics. Microelectron Reliab. 2008, 48, 897–901. [CrossRef]

15. Marra, S.P.; Ramesh, K.T.; Douglas, A.S. The mechanical properties of lead-titanate/polymer 0–3 composites.
Compos. Sci. Technol. 1999, 59, 2163–2173. [CrossRef]

16. Hori, M.; Aoki, T.; Ohira, Y.; Yano, S. New type of mechanical damping composites composed of piezoelectric
ceramics, carbon black and epoxy resin. Compos. Part A 2001, 32, 287–290. [CrossRef]

17. Tang, D.; Zhang, J.; Zhou, D.; Zhao, L. Influence of BaTiO3 on damping and dielectric properties of filled
polyurethane/unsaturated polyester resin interpenetrating polymer networks. J. Mater. Sci. 2005, 40,
3339–3345. [CrossRef]

18. Malakooti, M.H.; Hwang, H.S.; Sodano, H.A. Morphology-Controlled ZnO Nanowire Arrays for Tailored
Hybrid Composites with High Damping. ACS Appl. Mat. Interfaces 2014, 7, 332–339. [CrossRef] [PubMed]

19. Cai, Z.L.; Wang, Z.M.; Wang, H.H.; Cheng, Z.X.; Li, B.W.; Guo, X.L.; Kimura, H.; Kasahara, A.
An Investigation of the Nanomechanical Properties of 0.5Ba(Ti0.8Zr0.2)O3–0.5(Ba0.7Ca0.3)TiO3 Thin Films.
J. Am. Ceram. Soc. 2015, 98, 114–118. [CrossRef]

20. Zhou, Z.; Bowland, C.C.; Malakooti, M.H.; Tang, H.X.; Sodano, H.A. Lead-free 0.5Ba(Zr0.2Ti0.8)O3–
0.5(Ba0.7Ca0.3)TiO3 nanowires for energy harvesting. RSC Nanoscale 2016, 8, 5098–5105. [CrossRef] [PubMed]

21. Wu, W.W.; Cheng, L.; Bai, S.; Dou, W.; Xu, Q.; Wei, Z.Y.; Qin, Y. Electrospinning lead-free
0.5Ba(Zr0.2Ti0.8)O3–0.5(Ba0.7Ca0.3)TiO3 nanowires and their application in energy harvesting. J. Mater.
Chem. A 2013, 1, 7332–7338. [CrossRef]

22. Wang, Z.M.; Zhao, K.; Guo, X.L.; Sun, W.; Jiang, H.L.; Han, X.Q.; Tao, X.T.; Cheng, Z.X.; Zhao, H.Y.;
Kimura, H.; et al. Crystallization, phase evolution and ferroelectric properties of sol–gel-synthesized
Ba(Ti0.8Zr0.2)O3–x(Ba0.7Ca0.3)TiO3 thin films. J. Mater. Chem. C 2013, 1, 522–530. [CrossRef]

23. Guo, D.; Mao, W.; Qin, Y.; Huang, Z.; Wang, C.; Shen, Q.; Zhang, L. Damping properties of epoxy-based
composite embedded with sol-gel derived Pb(Zr0.53Ti0.47)O3 thin film annealed at different temperatures.
J. Mater. Sci. Mater. Electron. 2012, 23, 940–944. [CrossRef]

© 2017 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

19



crystals

Article

Li2HgMS4 (M = Si, Ge, Sn): New Quaternary
Diamond-Like Semiconductors for Infrared Laser
Frequency Conversion

Kui Wu and Shilie Pan *

Key Laboratory of Functional Materials and Devices for Special Environments of CAS,
Xinjiang Key Laboratory of Electronic Information Materials and Devices,
Xinjiang Technical Institute of Physics & Chemistry of CAS, 40-1 South Beijing Road,
Urumqi 830011, China; wukui@ms.xjb.ac.cn
* Correspondence: slpan@ms.xjb.ac.cn; Tel.: +86-991-3674558

Academic Editor: Stevin Snellius Pramana
Received: 23 February 2017; Accepted: 6 April 2017; Published: 12 April 2017

Abstract: A new family of quaternary diamond-like semiconductors (DLSs), Li2HgMS4

(M = Si, Ge, Sn), were successfully discovered for the first time. All of them are isostructural
and crystallize in the polar space group (Pmn21). Seen from their structures, they exhibit a
three-dimensional (3D) framework structure that is composed of countless 2D honeycomb layers
stacked along the c axis. An interesting feature, specifically, that the LiS4 tetrahedra connect with each
other to build a 2D layer in the ac plane, is also observed. Experimental investigations show that their
nonlinear optical responses are about 0.8 for Li2HgSiS4, 3.0 for Li2HgGeS4, and 4.0 for Li2HgSnS4

times that of benchmark AgGaS2 at the 55–88 μm particle size, respectively. In addition, Li2HgSiS4 and
Li2HgGeS4 also have great laser-damage thresholds that are about 3.0 and 2.3 times that of powdered
AgGaS2, respectively. The above results indicate that title compounds can be expected as promising IR
NLO candidates.

Keywords: nonlinear optical materials; crystal structure; good NLO responses

1. Introduction

Solid-state lasers have shown a wide range of applications in the fields of military, industry,
medical treatment and information communications [1,2]. However, traditional laser sources,
such as Ti:Al2O3 and Nd:YAG lasers, mainly cover the wavelengths range from visible to
near infrared, not including the important ultraviolet (UV < 400 nm) and middle-far infrared
(MFIR, 3–20 μm) region [3,4]. To extend the laser wavelength ranges, frequency-conversion technology
on nonlinear optical (NLO) materials was invented and has been further developed for decades [5].
Recently, many promising NLO materials have been discovered and have basically solved the
demand of UV region [6–34]. However, for the IR region, outstanding IR NLO materials were
rarely discovered and only several ternary diamond-like semiconductors (DLSs), such as AgGaS2,
AgGaSe2 and ZnGeP2, have been commercially used [35–37]. Although they have high second
harmonic generation (SHG) coefficients and wide IR transmission regions, some of the self-defects
including the low laser-damage thresholds (LDTs) or strong two-photon absorption (TPA) still
seriously hinder their practical application. Researchers have done a lot of work to explore new
NLO materials for the IR application, and the combination of two or more different building units
into crystal structures can be viewed as a feasible way to obtain new NLO compounds. Up to
now, many reports indicate that cations with second order Jahn–Teller distortions, lone electron
pairs or d10 configuration can contribute to good SHG response with the cooperative effects of
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typical tetrahedral units MQ4 (M = Ga, In, Si, Ge, Sn; Q = S, Se) [38–73]. Note that diamond-like
semiconductors (DLSs) with inherently noncentrosymmetrical (NCS) structures, with all the tetrahedral
units in crystal structures oriented in the same direction, have been further investigated on the ternary
and quaternary systems [74–80]. Among them, the d10 cations (Zn2+, Cd2+) containing quaternary
DLSs with outstanding performances, such as Li2CdGeS4, Li2ZnGeSe4, and Li2ZnSnSe4 [74,78],
were proven as promising IR NLO candidates and belong to the general formula I2–II–IV–VI4, where
I are the monovalent elements, II are the divalent elements, IV are the group 14 elements, and
VI are the chalcogen elements. Previous reports indicate that other types of Hg-containing metal
chalcogenides have shown good NLO performances in the IR field, such as HgGaS4 [81]. BaHgQ2 (Q
= S, Se), [82,83] A2Hg3M2S8 (A = Na, K; M = Si, Ge, Sn) [61,68], and Li4HgGe2S7 [84]. However, up
to now, the Hg-containing DLSs have been rarely investigated in the IR frequency conversion region.
Thus, it is meaningful to explore new Hg-containing DLSs and study their important NLO properties.
From this background, we have chosen the Li–Hg–M–S (M = Si, Ge, Sn) as the research system and
successfully prepared three new IR NLO materials, Li2HgMS4 (M = Si, Ge, Sn). They are isostructural
and crystallize in the Pmn21 polar space group. Overall properties investigation shows that they can
be expected to be promising IR NLO candidates owing to their large NLO coefficients, high LDTs,
wide IR transparent regions, and good chemical stability.

2. Results and Discussion

2.1. Crystal Structure

The title compounds are isostructural and crystallize in the NCS polar space group Pmn21. In order
to ensure the reasonability of crystal structures of title compounds, the bond valence [85,86] and the
global instability index (GII) [87–89] were also systemically studied (Table 1). Calculated results
(Li, 1.085–1.125; Hg, 2.090–2.133; Si/Ge/Sn, 4.030–4.152; S, 2.055–2.229) indicate that all atoms are
in reasonable oxidation states. In addition, GII can be derived from the bond valence concepts,
which represent the tension of lattice parameters and are always used to evaluate the rationality of
structure. When the value of GII is less than 0.05 vu (valence unit), the tension of structure is not
proper, whereas when the value of GII is larger than 0.2 vu, its structure is not stable. Thus, the value
of GII in a reliable structure should be limited at 0.05–0.2 in general. As for the title compounds,
calculated GII values are in the range of 0.10–0.14 vu, which illustrates that the crystal structures of all
compounds are reasonable.

Table 1. Bond Valence Sum (vu) and Global Instability Index (GII) of title compounds.

Compounds Li+ Hg2+ Si/Ge/Sn4+ S2− GII

Li2HgSiS4 1.125 2.092 4.030 2.069–2.149 0.10
Li2HgGeS4 1.118 2.090 4.152 2.055–2.229 0.14
Li2HgSnS4 1.085 2.133 4.138 2.061–2.163 0.13

Herein, Li2HgGeS4 is chosen as the representative for the structural discussion. In its structure,
each cation is linked to four S atoms, forming the typical LiS4, HgS4, and GeS4 tetrahedra. These units
connect with each other to make up a two-dimensional (2D) honeycomb layer structure, which is
located at the ab plane (Figure 1b). Then, the layers are further stacked along the c axis to form a
three-dimensional (3D) framework structure (Figure 1a). In addition, an interesting feature is that
the LiS4 tetrahedra connect with each other to build a 2D layer in the ac plane (Figure 1c). The whole
structure is composed of tetrahedral ligands that align along the c axis. Note that the discovered
quaternary DLSs in the I2–II–IV–VI4 systems normally crystallize in the one of following space groups:
I-42m (Cu2CdSnS4) [76], I-4 (Cu2ZnSnS4) [90], Pmn21 (Li2CdGeS4) [74], Pna21 (Li2MnGeS4) [75], and
Pn (Li2CoSnS4) [75], to our best knowledge, which represent the stannite, kesterite, wurtz-stannite,
and wurtz-kesterite structural features.
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Figure 1. (a) View of the crystal structure of Li2HgGeS4 along the b axis; (b) A honeycomb-like layer
composed of the LiS4, HgS4, and GeS4 units located at the ab plane; (c) A layer composed of the LiS4

units located at the ac plane.

2.2. Optical Properties

As for an IR NLO crystal, its optical parameters, such as optical bandgap, IR absorption edge,
NLO response, and LDT, are necessary to be determined for the assessment of application prospect.
The detailed mechanism for laser damage in a given material is not fully clear yet, however it has been
normally accepted that strong optical absorption of the materials will cause thermal and electronic
effects and finally lead to laser damage. Note that the optical breakdown can be attributed to the
effect of electron avalanche that has a close relationship with optical bandgap in a given material [75].
Figure 2 shows that the optical bandgaps are 2.68 for Li2HgSiS4, 2.46 for Li2HgGeS4, and 2.32 eV for
Li2HgSnS4, respectively. All of them are much larger than those of commercial AgGaSe2 (1.80 eV) [86]
and ZnGeP2 (1.75 eV) [37], which may be conducive to improve the laser damage resistance of the title
compounds compared with the commercially available IR NLO materials. Recently, the assessment of
the LDTs on powder samples has been developed as a feasible and semi-quantitative method [52,55].
Thus, in this work, based on a pulse laser (1.06 μm, 10 Hz and 10 ns), the LDTs of the title compounds
were measured with AgGaS2 as the reference and corresponding results are shown in Table 2. From this
table, it can be found that the title compounds have great LDTs, such as 91.6 for Li2HgSiS4, 70.6 for
Li2HgGeS4, and 30.5 MW/cm2 for Li2HgSnS4, and are about 3.0, 2.3, and ~1 times that of powdered
AgGaS2 (29.6 MW/cm2), respectively. Moreover, Li2HgSiS4 and Li2HgGeS4 are comparable to those of
PbGa2GeSe6 (3.7 × AgGaS2) [51], Na2In2GeS6 (4.0 × AgGaS2) [56], Na2Hg3Ge2S8 (3 × AgGaS2) [61],
and SnGa4Se7 (4.6 × AgGaS2) [52]. Therefore, Li2HgSiS4 and Li2HgGeS4 can be expected to have
application with high-power lasers, compared with the commercial IR NLO materials.

Figure 2. Experimental bandgaps of the title compounds.
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Table 2. LDTs of the title compounds and AgGaS2 (as the reference).

Compounds Damage Energy (mJ) Spot Diameter (mm) LDT (MW/cm2)

AgGaS2 0.33 0.375 29.6
Li2HgSiS4 1.02 0.375 91.6
Li2HgGeS4 0.78 0.375 70.2
Li2HgSnS4 0.34 0.375 30.5

In addition, Raman spectra (Figure 3) are also measured to determine the IR absorption edges
for the title compounds. The results show that all of them exhibit the wide IR transmission regions,
such as 2.5–19 μm (530 cm−1) for Li2HgSiS4, 2.5–22 μm (450 cm−1) for Li2HgGeS4, and 2.5–23.5 μm
(425 cm−1) for Li2HgSnS4, which cover the two important atmospheric windows (3–5 and 8–12 μm)
that can be used in telecommunications, laser guidance, and explosives detection. Note that the
IR absorption edges gradually get longer from the Si to Sn compounds, which are consistent with
the IR data for other related mental chalcogenides [61]. Although the measured IR absorption data
on powder samples have some deviations with the results on single-crystals, they can give the
preliminary assessment for the transmission region of IR materials. Overall view on Raman spectra
shows similar patterns for the title compounds, and a shift to lower absorption energies from the Si to
Sn compounds that are severely affected by the tetravalent (MIV) metals. The absorption peaks above
approximately 300 cm−1, including Li2HgSiS4 (520, 396 cm−1), Li2HgGeS4 (430, 387, 360, 327 cm−1),
and Li2HgSnS4 (402, 346 cm−1), can be assigned to the characteristic absorptions of the Si–S, Ge–S,
and Sn–S modes, respectively. Moreover, several peaks located between 200 and 300 cm−1, such as
Li2HgSiS4 (285, 258 cm−1), Li2HgGeS4 (257 cm−1), and Li2HgSnS4 (258 cm−1), are attributed to the
Hg–S bonding interactions. In addition, the absorptions below 200 cm−1 are primarily corresponding
to the Li–S vibrations for the title compounds.

Figure 3. Raman spectra of the title compounds.

Second harmonic generation (SHG) responses for the title compounds were investigated on
powder samples and the results are shown in Figure 4. From this figure, it can be found that the SHG
intensities of the title compounds are not enhanced gradually with the increase of particle sizes, which
indicates the nonphase matching behaviour for these compounds. In addition, their SHG responses
are about 0.8 for Li2HgSiS4, 3.0 for Li2HgGeS4, and 4.0 for Li2HgSnS4 times that of benchmark AgGaS2

at the 55–88 μm particle size, respectively, which shows that the title compounds may have great NLO
potential in the IR region as promising frequency-conversion candidates.
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Figure 4. Second-harmonic generation (SHG) intensity versus particle size for the title compounds and AgGaS2.

3. Materials and Methods

3.1. Synthesis

All the starting materials were used as purchased without further refinement. In the preparation
process, a graphite crucible was added into the vacuum sealed silica tube to avoid the reaction between
metal Li and the silica tube at a high temperature.

3.1.1. Li2HgSiS4 and Li2HgSnS4

Target compounds were prepared with a mixture with the ratio of Li:HgS:(Si or Sn):S = 2:1:1:3,
respectively. The temperature process was set as follows: first, it was heated to 700 ◦C in two days,
and kept at this temperature about four days, then slowly down to 300 ◦C within four days, and finally
quickly cooled to room temperature by turning off the furnace. Obtained products were washed by the
N,N-dimethylformamide (DMF) solvent to remove the other byproducts. Yellow crystals for Li2HgSiS4

and orange-red crystals for Li2HgSnS4 appeared, and both of them remained stable in air over half a
year. In addition, the yield of Li2HgSiS4 was about 80%.

3.1.2. Li2HgGeS4

Initially, we attempted to prepare Li2HgGeS4 with the ratio of Li:HgS:Ge:S = 2:1:1:3 at the
reaction temperature of 700 ◦C. After the single crystal X-ray diffraction measurement, Li4HgGe2S7

(main product, yellow) [79] and Li2HgGeS4 (a small amount, reddish) were interestingly obtained.
In addition, we had further adjusted the ratio of reactants and interestingly found that the pure-phase
of Li2HgGeS4 could be obtained while the ratio of Li:HgS is greater than 2:1. Moreover, the Li2HgGeS4

crystals were repeatedly washed with DMF solvent and they also remained stable in air.

3.2. Structure Determination

Selected single-crystals were used for data collections with a Bruker SMART APEX II 4K CCD
diffractometer (Bruker Corporation, Madison, WI, USA) using Mo Kα radiation (λ = 0.71073 Å) at room
temperature. Multi-scan method was used for absorption correction [91]. All the crystal structures
were solved by the direct method and refined using the SHELXTL program package [92]. As for the
structural refinement of Li2HgSiS4, the initial refinement result gave the formula Li2HgSiS4, but the
site of the Li atom showed abnormal anisotropy parameter (almost zero). Thus, we attempted to
set the Li1 and Hg2 atoms to occupy the same site with the ratio of 0.97:0.03 (Li1:Hg2) by random
refinement. In view of the low occupancy (0.025) of Hg2 atom, we consider using the “ISOR” order to
treat the Li1 atom as isotropic instead of a positional disorder (Li1:Hg2). Moreover, the subsequent
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analysis of the element contents in the title compounds with energy dispersive X-ray (EDX) equipped
Hitachi S-4800 SEM (Tokyo, Japan) showed the approximate molar ratio of 1:1:4 for Hg, Si/Ge/Sn,
and S (Li is undetectable in EDX). The final structures were carefully checked with PLATON software
(Glasgow, UK) and no other symmetries were found [93]. Table 3 shows the crystal data and structure
refinement of the title compounds.

Table 3. Crystal data and structure refinement for the title compounds.

Empirical Formula Li2HgSiS4 Li2HgGeS4 Li2HgSnS4

fw 370.80 415.30 461.40
crystal system orthorhombic orthorhombic orthorhombic
space group Pmn21 Pmn21 Pmn21

a (Å) 7.592 (2) 7.709 (9) 7.9400 (17)
b (Å) 6.7625 (19) 6.812 (8) 6.9310 (15)
c (Å) 6.3295 (18) 6.384 (7) 6.5122 (14)

Z, V (Å3) 2, 324.96 (16) 2, 335.3 (7) 2, 358.38 (13)
Dc (g/cm3) 3.790 4.114 4.276
μ (mm−1) 25.014 28.463 25.918
GOF on F2 1.022 1.161 0.985

R1, wR2 (I > 2σ(I)) a 0.0217, 0.0443 0.0422, 0.0994 0.0318, 0.0633
R1, wR2 (all data) 0.0229, 0.0445 0.0438, 0.0999 0.0423, 0.0682

absolute structure parameter 0.003 (11) 0.04 (3) −0.019 (19)
largest diff. peak and hole (e Å−3) 1.318, −1.170 5.723, −1.070 0.959, −1.797

a R1 = Fo − Fc/Fo and wR2 = [w (Fo
2 − Fc

2)2/wFo
4]1/2 for Fo

2 > 2σ (Fo
2).

3.3. Powder XRD Measurement

A Bruker D2 X-ray diffractometer (Madison, USA) with Cu Kα radiation (λ = 1.5418 Å) was used
to measure the powder X-ray diffraction (XRD) patterns of title compounds at room temperature.
The measured range is 10–70◦ with a step size of 0.02◦. Compared with the calculated and experiment
results, it can be concluded that they are basically consistent with each other, except for Li2HgSiS4

with a small number of the Hg4SiS4 impurities (Figure 5).

Figure 5. Powder XRD patterns of Li2HgSiS4 (a), Li2HgGeS4 (b), Li2HgSnS4 (c).
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3.4. UV–Vis–NIR Diffuse-Reflectance Spectroscopy

Diffuse-reflectance spectra were measured by a Shimadzu SolidSpec-3700DUV spectrophotometer
(Shimadzu Corporation, Beijing, China) in the wavelength range of 190–2600 nm at room temperature.
The absorption spectra were converted from the reflection spectra via the Kubelka–Munk function.

3.5. Raman Spectroscopy

Hand-picked crystals were first put on an object slide, and then a LABRAM HR Evolution
spectrometer equipped with a CCD detector (HORIBA Scientific, Beijing, China) by a 532-nm laser
was used to record the Raman spectra. The integration time was set to be 10 s.

3.6. Second-Harmonic Generation Measurement

By the Kurtz and Perry method, powder SHG responses of the title compounds were investigated
by a Q-switch laser (2.09 μm, 3 Hz, 50 ns) with ground micro-crystals on different particle sizes.
AgGaS2 single-crystal was also ground and sieved into the same size range as the reference.
SHG signals were detected by a digital oscilloscope.

3.7. LDT Measurement

Ground micro-crystals samples (55–88 μm) were used to evaluate the LDTs of the title compounds
under a pulsed YAG laser (1.06 μm, 10 ns, 10 Hz). Similar sizes of the AgGaS2 crystal were chosen
as the reference. By adjusting the laser output energy, colour change of the test sample was carefully
observed by an optical microscope to determine the LDTs.

4. Conclusions

A new family of new DLSs, Li2HgMS4 (M = Si, Ge, Sn), were successfully synthesized by
the solid-state method in vacuum-sealed silica tubes. They are isostructural and crystallize in the
orthorhombic Pmn21 space group. Seen from their structures, they have the similar 3D framework
and 2D honeycomb-like layer structures with the interconnection of three types of tetrahedral units
(LiS4, HgS4, and MS4). Corresponding optical properties for the title compounds are systemically
studied and the results show that they have great potential as promising IR NLO candidates.

Supplementary Materials: The following are available online at www.mdpi.com/2073-4352/7/4/107/s1. Cifs for
title compounds.
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Abstract: This paper investigated a polymer-based composite by homogeneously embedding calcium
copper titanate (CaCu3Ti4O12; CCTO) fillers into a polytetrafluoroethylene matrix. We observed the
composite filled by CCTO powder at different sizes. The particle size effects of the CCTO filling,
including single-size particle filling and co-blending filling, on the microstructure and dielectric
properties of the composite were discussed. The dielectric performance of the composite was
investigated within the frequency range of 100 Hz to 1 MHz. Results showed that the composite filled
by micron/submicron-blended CCTO particles had the highest dielectric constant (εr = 25.6 at 100 Hz)
and almost the same dielectric loss (tanδ = 0.1 at 100 Hz) as the composite filled by submicron CCTO
particles at the same volume percentage content. We researched the theoretical reason of the high
permittivity and low dielectric loss. We proved that it was effective in improving the dielectric
property of the polymer-based composite by co-blending filling in this experiment.

Keywords: CCTO; polymers; dielectrics; permittivity

1. Introduction

Substrate materials have gained considerable attention because of their roles in the continuous
development of the high-technology electronic industry [1]. Traditional polymer materials, such as
polytetrafluoroethylene (PTFE) [2,3] and epoxy [4], are flexible and can be produced by a simple process.
However, these materials cannot meet the developing trends of miniaturization and integration of
electronic systems because of their low dielectric permittivity [5–7]. Ceramic/polymer composites,
in which particles with high dielectric permittivity are used as fillers and polymers are used as the
matrix, combine the merits of ceramics and polymers with high dielectric permittivity and excellent
mechanical properties. These composites exhibit potential for various applications [8–11]. For instance,
they are widely used in high charge-storage capacitors and high-speed integrated circuits, as well as
other fields [12–14]. Materials containing calcium copper titanate (CaCu3Ti4O12; CCTO) also show
potential to be applied to embedded devices, etc. Compared with CCTO/polyvinylidene fluoride
(PVDF) composites, which have been widely studied, our results show lower losses, which indicate
these filled CCTO/PTFE materials can be applied to fields requiring high dielectric constants and low
losses, such as substrate materials.

Calcium copper titanate (CaCu3Ti4O12; CCTO) is one of the most remarkable ceramic materials
because of its high dielectric permittivity, reaching as high as 104 to 105, its almost non-dependence
on frequency up to 10 MHz, and its low thermal coefficient of dielectric permittivity from 100 K
to 600 K [15,16]. To develop applications for CCTO, scholars aim to minimize the high dielectric
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loss [17–19]. Simultaneously, attempts have been made to explore the possibility of obtaining high
dielectric permittivity composites for potential electronic components by embedding CCTO particles
into polymer [20–23]. Dang [24] utilized in situ polymerization to disperse CCTO powders into a
polyimide matrix and obtained a composite film with a dielectric permittivity of 49 when the volume
fraction was 40 vol % at 100 Hz. Chi [25] reported that a relatively high dielectric permittivity, low
loss, and low conductivity were simultaneously achieved in nano-sized CCTO/PI films. Compared
with the micro-sized CCTO/PI film with a 10 vol % concentration of micro-sized CCTO, the dielectric
permittivity of the nano-sized CCTO/PI film with a 3 vol % concentration of nano-sized CCTO
increased by 16%. Yang [26] investigated the effect of nano- and micro-sized CCTO on the CCTO/PVDF
composite. The effective dielectric constant (εr) of the composite containing 40 vol % nano-sized CCTO
filler is more than 106 at 102 Hz and room temperature. This value is substantially higher than the
dielectric constant of the composite containing micro-sized CCTO, with a εr value of 35.7 (at 40 vol %).

When the single-particle size of the CCTO powder is filled at high amounts, the CCTO particles
cannot be totally encased by the PTFE matrix. The particles agglomerate to form voids, which are
difficult to be filled by the PTFE matrix, thereby decreasing the dielectric constant of the composite.
The volume percentage fraction of the ceramic filler should be less than 40% to reduce the porosity
and preserve the mechanical properties. In our experiment, we fabricated a CCTO/PTFE composite
film with 30 vol % filler. To solve these limitations, researchers have investigated double-particle-sized
hybrids characterized by high density [27]. In this paper, we synthesized the submicro-sized CCTO
powder by the oxalate co-precipitation method and the micro-sized CCTO powder by the solid-state
reaction method. Both CCTO powders were blended at a proportion of 1:1 and the mixture was filled
in the PTFE matrix. The microstructure and dielectric properties of the CCTO/PTFE composite with
different particle sizes were investigated and compared. Moreover, the dielectric mechanism of the
PTFE/CCTO composite is discussed in detail.

2. Experimental Section

Submicro-sized CCTO precursor powders were obtained through co-precipitation. The metal
chlorides (CaCl2, TiCl3, and CuCl2–2H2O) were dissolved in water and added as precipitation agents
to ethanol-containing oxalic acid. The precursors were calcined in air at 750 ◦C, 800 ◦C, and 850 ◦C for
10 h to obtain the oxide powders [28]. Micro-sized CCTO powder was synthesized by the solid-state
reaction method [29]. Calcium (CaCO3, 99.9%), copper oxide (CuO, 99.9%), and titanium dioxide
(TiO2, 99.9%), were purchased from Sigma-Aldrich (Chemical Reagent Co., Ltd., Shanghai, China)
and used as raw materials. High-purity metal oxides were weighed based on the stoichiometric ratio
and calcined at 950 ◦C for 10 h to obtain CCTO particles. Both CCTO powders were blended at a
proportion of 1:1 and the mixture was ground with a titanate coupling agent to enhance the interface
between the matrix and the filler. Emulsion polymerization was employed to disperse the CCTO
powder into the PTFE emulsion (Shanghai 3F New Material Co., Ltd., Shanghai, China) with magnetic
agitation at 90 ◦C [30]. The obtained dry mixture was smashed into a powder after heat treatment in
a muffle furnace at 270 ◦C. The powder was pressed to obtain tablet samples approximately 18 mm
in diameter and 1 mm in thickness. Cylindrically-shaped samples were prepared for microwave
frequency measurements. In addition, samples were calcined at a low temperature of 370 ◦C to obtain
the composite.

The sample structure was examined by X-ray diffraction (XRD; XRD-7000, Shimadzu, Kyoto,
Japan) with Cu Kα1 radiation (λ = 0.154056 nm) over the 10◦–80◦ 2θ range. The microstructures of the
freshly-fractured cross-section of the PTFE/CCTO composites were examined using a field-emission
scanning electron microscope (FESEM, Sirion 200, FEI, Eindhoven, Netherlands), and we used
Image-Pro Plus 6.0 to obtain the porosity of three different particle-sized samples by calculating
the area of the black part in the SEM micrographs. The thermal analysis system used in this study was
TGA-DSC (METTLER TOLEDO, TGA/DSC-1). The dielectric properties of composite were measured
using an impedance analyzer (Agilent 4294A, Agilent Technologies, Santa Clara, CA, USA) at room
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temperature in the frequency range of 100 Hz to 1 MHz. A thin layer of silver was painted on both
sides of the tablet samples before measurement.

3. Results and Discussion

Figure 1 presents the thermal gravimetric analysis (TGA) of the CCTO precursor. The thermal
process is mainly divided into three stages. The weightlessness of the CCTO precursor is about
8.71% at the first stage from 50 ◦C to 200 ◦C. The corresponding DSC curve appears to be a weak
endothermic peak which is attributed to water evaporation. At the second stage, from 200 ◦C to 300 ◦C,
the weightlessness of the CCTO precursor is about 45.07% and the corresponding DSC curve appears
to have a sharp exothermic peak which is attributed to the combustion decomposition of organic
matter, such as oxalate and nitrate. At the third stage, from 560 ◦C to 700 ◦C, as the weightlessness
of the CCTO precursor is about 2.17%, and the corresponding DSC curve appears to have a weak
exothermic peak which may correspond to CCTO crystallization. Figure 2 shows the XRD pattern of
CCTO powders calcined at 750 ◦C, 800 ◦C, and 850 ◦C. CCTO appears as the major phase, and small
amounts of CaTiO3 and CuO are also present in the three samples; however, TiO2 is only present in
the sample calcined at 750 ◦C.

Figure 1. TG–DSC curve of the submicron CCTO precursor.

 

Figure 2. XRD patterns of submicron CCTO at different calcination temperatures.
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Figure 3 shows the scanning electron microscopy (SEM) images of the CCTO powder calcined at
different temperatures: (a) 750 ◦C, (b) 800 ◦C, and (c) 850 ◦C. Some spherical and rod-like particles
appear in the CCTO powders calcined at 750 ◦C. The CCTO powders with sizes of about 100–200 nm
are uniform and spherical at the calcination temperature of 800 ◦C. When the temperature rises
to 850 ◦C, the CCTO particles grow further and their sizes increase to about 300 nm to 500 nm.
According to the XRD and SEM results, the synthesis temperature of the submicron CCTO powder
was determined to be 800 ◦C, in order to obtain a smaller and homogeneous submicron grain and
reflect the effect of particle size on the dielectric properties of the composites as much as possible.

 

Figure 3. SEM micrograph of the CCTO powder calcined at different temperatures: (a) 750 ◦C,
(b) 800 ◦C and (c) 850 ◦C.

Figure 4 shows SEM micrographs of the CCTO powder at different particle sizes. The particle size
of the micron CCTO powder prepared by the solid-state reaction method is not uniform, ranging from
2 μm to 10 μm. CCTO powders prepared by the co-precipitation method appear to have spherical
particles with uniform sizes. However, these particles agglomerated to form a cluster with some voids
existing in them. In the micron/submicron co-blended CCTO powder, micron-sized particles are
uniformly distributed while submicron particles fill in the gaps between the micron-sized particles.
As shown in Figure 4, the micron/submicron co-blended CCTO powder has a significantly higher
filling density than the other two groups with a single particle size.

 

Figure 4. SEM micrograph of CCTO powder with different particle sizes: (a) micron, (b) submicron,
and (c) micron/submicron co-blending.

Figure 5 shows the SEM micrograph of the PTFE-based composite filled by 30 vol % CCTO powder
with different particle sizes. Micron CCTO powders were uniformly coated by the PTFE matrix, while
submicron CCTO powders were not completely coated by PTFE because of their agglomeration.
Comparing the two kinds of composites, the composite filled by the micron/submicron co-blended
CCTO powder showed the highest density because the submicron particles filled the gaps not only
among micron-sized CCTO particles, but also between micron-sized CCTO particles and the PTFE
matrix to minimize the surface energy of the system. According to our statistics, the porosity of the
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composites filled with micron, submicron, and micron/submicron co-blending CCTO is, respectively,
19.43%, 13.98%, and 11.05%. Lower porosity leads to higher dielectric permittivity [17,31], as shown in
Figure 7. In addition, the surface area-volume ratio of submicron CCTO powder is 88,737 cm2/cm3,
much larger than 13,425 cm2/cm3 of micron CCTO powder. The stronger interfacial polarization
mostly caused by the large specific surface area also contributes to the high permittivity [21,26].

 

Figure 5. SEM micrograph of the PTFE-based composite filled by different CCTO particle sizes:
(a) micron CCTO filling; (b) submicron CCTO filling; and (c) micron/submicron co-blending
CCTO filling.

Figure 6 shows the XRD patterns of the PTFE-based composite filled with 30 vol % CCTO powder
at different sizes. All three composite materials have the characteristic peak of CCTO and PTFE.
The composite filled by micron CCTO has an obviously higher CCTO peak intensity than the other
two groups. This is because the growth of micron CCTO ceramic particles is more complete, with
the particles having better crystallinity. In addition, the great specific surface area of submicron
CCTO results in diminishment of its peak intensity. Conversely, the effect results in the uniform
distribution of micron-sized CCTO particles in the PTFE matrix and less damage of the PTFE chain.
Therefore, the PTFE characteristic peak at 2θ = 18.2◦ is stronger than that of the other two groups.
Furthermore, Figure 6 shows that the PTFE characteristic peak in the composite filled by micron and
submicron CCTO particles is the weakest and, together with Figure 5, they indicate that the PTFE
chain destruction is stronger than that of the other two groups, and the composite materials filled by
micron and submicron CCTO particles exhibit the highest density.

 

Figure 6. XRD patterns of the PTFE-based composite filled by different CCTO particle sizes: (a) micron
CCTO filling; (b) submicron CCTO filling; and (c) micron/submicron-blended CCTO filling.
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Figure 7 shows the frequency dependence of the dielectric properties of the composites with
different CCTO particle sizes. All dielectric constants of the three composites show good frequency
stability. Moreover, the composite filled by the double-particle-sized CCTO powder has a higher
dielectric constant, which is up to 25.6 at a frequency of 100 Hz, than the other two composites. This is
attributed to its stronger interfacial polarization and higher density. The dielectric constant of the
composite filled by sub-micron CCTO particles is slightly higher than that of the composite filled by
micron CCTO particles because a large number of voids are caused by the agglomeration of submicron
CCTO particles. Additionally, the grain size effects contribute to the higher dielectric properties of the
composite [32,33]. Figure 7 shows that the dielectric loss of the three composites decreased rapidly with
increasing frequency at 100 Hz–1 kHz, but increased when the frequency increased to nearly 106 Hz.
The dielectric loss of submicron and co-filled composites change more obviously than the micron-sized
composite because of their greater specific surface area and stronger interfacial polarization.

Figure 7. Frequency dependence of the dielectric properties of the composites with various CCTO
particles: (a) the relative permittivity and (b) dielectric loss.

4. Conclusions

In this paper, PTFE was filled by micron, submicron, and micron/submicron-blended CCTO
powder at three different sizes. The effects of the filler particle sizes on the microstructure and
dielectric properties were discussed. The research results showed that the composite filled by
micron/submicron-blended CCTO particles had the highest density and dielectric constant with
the same volume percentage content. The dielectric loss of the three composites decreased with an
increase in the frequency. The composite filled by micron/submicron CCTO particles had a higher
dielectric constant and almost the same dielectric loss as the composite filled by submicron CCTO
particles, which may be attributed to the higher density of the former.
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Abstract: Piezoelectric properties are of significant importance to medical ultrasound, actuators,
sensors, and countless other device applications. The mechanism of piezoelectric properties can
be deeply understood in light of structure evolutions. In this paper, we report a diagram of the
structure evolutions of Pb(Zn1/3Nb2/3)0.91Ti0.09O3 (PZN-9PT) crystals with excellent piezoelectric
properties among orthorhombic, tetragonal, and cubic phases, with a temperature increasing
from room temperature to 220 ◦C. Through fitting the temperature-dependent XRD curves with
Gauss and Lorenz functions, we obtained the evolutions of the content ratio of three kinds of
phases (orthorhombic, tetragonal and cubic) and the lattice parameters of the PZN-9PT system
with the changes of temperature. The XRD fitting results together with Raman and dielectric
spectra show that the phase transitions of PZN-9PT are a typical continuous evolution process.
Additionally, resonance and anti-resonance spectra show the excellent piezoelectric properties of
these crystals, which probably originate from the nano twin domains, as demonstrated by TEM
images. Of particular attention is that the thickness electromechanical coupling factor kt is up to 72%.

Keywords: Pb(Zn1/3Nb2/3) O3-9%PbTiO3; relaxor ferroelectric crystals; structure phase transition;
electromechanical coupling factor

1. Introduction

Since Kuwata et al. [1] first reported that the solid solutions of rhombohedral lead zinc niobate,
Pb(Zn1/3Nb2/3)O3 (PZN), and tetragonal lead titanate, PbTiO3 (PT), have a morphotropic phase
boundary (MPB) near 9 mol % PT, PZN-PT has attracted much exclusive attention due to its
excellent and unique properties. Recently, Zhang et al. and Sun et al. [2–4] demonstrated that
the Pb(Zn1/3Nb2/3)0.91Ti0.09O3 (PZN-9PT) crystal exhibits an exceptionally large piezoelectric constant
(d33 > 2000 pC/N) and an electromechanical coupling factor in longitudinal bar mode (k33 > 92%).
These properties are expected to be applied in high-quality piezoelectric devices, such as medical
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ultrasonic transducers, actuators, and sonars, as replacements for conventional PZT ceramics [4–7].
In the PZN-9PT crystal system, different from the normal ferroelectric (e.g., PT) [8] with a long
coherent length of order, the random distribution of B-ions (here, B represents Zn, Nb, and Ti
atoms) prevents the formation of the long-range ferroelectric order [8,9]. Additionally, the charge
and ionic radius differences are of great importance for the relaxor ferroelectric (RFE) properties,
because they directly determine the degree of order in the B-ion sublattice and thus the coherence
length of order [10,11]. Consequently, the phase diagram of the Pb(B′B”)O3-PbTiO3 systems are often
more complex than the normal ferroelectrics. Through the X-ray diffraction (XRD), neutron diffraction,
Raman spectrum, etc., many researchers have reported the evolution diagram of the (1-x)PZN-xPT
phase transition with changes in x and temperature [12–15]. In spite of these intensive studies,
their microscopic mechanisms, such as the ferroelectric phase transition in relaxor ferroelectrics,
remain poorly understood. Moreover, the ratios among the different phases as the change of the
system temperature always seem to be ignored by researchers, which should play an important role in
understanding the phase transition mechanism.

In order to reveal the evolutions of the phase structure driven by the temperature, we have
successfully grown PZN-9PT single crystals via controlled top-seeded solution growth (TSSG).
Of particular importance is that the TSSG technique offers advantages in growing single crystals
of good quality, low compositional segregation, and controllable morphology. A structure phase
transition was observed by the in-situ variable temperature XRD, dielectric spectrum, and Raman
spectra. The resonance and anti-resonance spectrum showed that the PZN-9PT crystal exhibits an
excellent piezoelectric response, which probably originates from the nano twin structures in the
PZN-9PT single crystal, as demonstrated by transmission electron microscopy (TEM).

2. Results and Discussion

2.1. Structure Phase Transition of PZN-9PT Crystals

It is universally acknowledged that PZN-9PT single crystals have five structure phases: monoclinic
(MC), rhombohedral (R), orthorhombic (O), tetragonal (T), and cubic (C), corresponding to their space
groups: Pm C, R3m, Amm2, P4mm, and Pm-3m, respectively. PZN-9PT single crystals often possess the
coexistent phase structures at room temperature. Ye et al. [16] and Chang et al. [17] reported the coexistence
of R-phase and T-phase in PZN-9PT single crystals at room temperature. Later, Cox et al. [11,12] argued
that the room temperature structure of PZN-9PT should be O-phase coexisting with T-phase. Generally
speaking, for R-phase, the lattice parameters a = b = c, α = β = γ �= 90◦ (but nearly equal to 90◦ for
PZN-9PT system), and for O-phase, a �= b �= c, α = β = γ = 90◦. Based on these characteristics, we can
distinguish the co-phase structures according to the XRD peak numbers of the {200} lattice plane. Figure 1a
presents the survey of the variable-temperature XRD patterns of the powders made from the PZN-9PT
relaxor ferroelectric single crystals. According to the changes of the XRD patterns of the PZN-9PT lattice
planes: {100}, {110}, {200}, {112}, {220}, etc., it is inferred that structure phase transitions occur at about 80
◦C and 150 ◦C for the powders of PZN-9PT. The color curve lines in Figure 1a, acquired using Poudrix
software, show the calculated XRD patterns for the pure phases of PZN-9PT powders. The {002} plane
families for the pure R-phase and the O-phase display one peak and three peaks, respectively, as shown
in Figure 1b. The peak number of the experimental {200} result at room temperature is more than 3,
indicating that PZN-9PT is not a pure O-phase at room temperature. Comparing the simulated results
(shown by color lines in Figure 1a,b), it is speculated that the phase of single crystal PZN-9PT should
be composed of O- and T-phases. This observation is well consistent with reports by Uesu et al. [18].
In addition, when the temperature rises to 150 ◦C or above, the peaks of {200} seem to merge into a single
one, indicating the phase evolution from tetragonal/orthorhombic to cubic, as illustrated by the changes
of blue and violet areas.
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Figure 1. (a) The temperature dependent XRD patterns of PZN-9PT single crystals from 30 to 220 ◦C.
Simulated XRD patterns (color lines at the bottom of Figure 1a) for pure monoclinic (MC), rhombohedral
(R), orthorhombic (O), tetragonal (T), and cubic (C) phase of PZN-9PT are also illustrated; (b,c) The
amplified curves around {200} with fitting results.

According to the above discussions, it could be concluded that the O-phase and T-phase coexist in
PZN-9PT at room temperature. When the temperature increases, O-phase transforms into T-phase firstly,
and then transforms into C-phase gradually. In order to provide more detailed information of the phase
transition processes, the Gauss and Lorenz functions (8:2) were used to fit the XRD data. Theoretically,
for a pure orthorhombic structure, the areas of the three {200} peaks are equal as well as the full width
at half maximum (FWHM). However, for a pure tetragonal structure with two {002} peaks, one peak
area is twice as large as the other, while the FWHM is equal. The fitting parameters can then be set
according to these quantitative relationships. The red dashed lines in Figure 1c show the fitting results,
where the areas of the orthorhombic, tetragonal, and cubic phases are also illustrated. It is clear that the
dominant phase at room temperature is the O-phase, as shown by the black areas in Figure 1c. The peak
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of the O-phase at 44.6◦ shifts to a lower angle with increasing temperatures, which implies that the c-axis
becomes longer when the phase transits from orthorhombic to tetragonal phase. Moreover, the two
{200} peaks of the T-phase tend to merge into a middle angle (shown by gray arrows in Figure 1c) with
increasing temperatures, suggesting a shortened c-axis and larger a- and b-axes.

Based on the fitting data, the phase contents of PZN-9PT at different temperatures could be
obtained and illustrated in Figure 2a. Four easily distinguishable regions can be identified as follows:
Region I (O- and T-phases coexistence), Region II (T-phase dominant), Region III (T- and C-phases
coexistence), and Region IV (C-phase dominant). It can be seen that the content of O-phase decreases
with increasing temperature in Regions I and II, and subsequently becomes nearly zero in Regions
III and IV; T-phase increases in Region I and then decreases gradually in the other regions. From the
discussions above, one can conclude that the phase transition in PZN-9PT is a gradual evolution rather
than a mutational change with increasing temperature. Due to the changes of phases, the dielectric
properties of PZN-9PT display a temperature-dependent behavior accordingly, as shown in Figure 2b.
Dielectric curves reveal only a weak frequency dispersion in Region I, while a strong dispersion could
be observed with the coexistence of T- and C-phases. It is well known that the relaxor ferroelectrics
are characterized by a broad frequency-dependent dielectric peak at radio frequencies, which is
associated with the dimensional changes of polar nanoregions (PNRs). By combining 9% ferroelectric
PT with PZN relaxors, the structure evolution becomes quite complicated. Upon cooling, some of the
C-phase transforms into the T-phase and PNRs then occur in the crystal. In Region III, the C-phase
is the dominant phase and PNRs grow in size, leading to a strong frequency dispersion of dielectric
curves. The peak-like behaviors in Region III could be attributed to the configuration change of
PNRs and/or microdomains. Moreover, in Region II, ferroelectric T-phase constitutes a majority and
PNRs/microdomains grow into macrodomains, which is less sensitive to radio frequencies.

 

Figure 2. (a) The evolution of different phases in PZN-9PT. Four regions with different amounts of
phases could be clearly distinguished; (b) The temperature dependence of the dielectric constant of
PZN-9PT at selected frequencies (1, 10, 100, 1000, and 10,000 Hz).
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Further evidence for the evolution of the phase structures in PZN-9PT can be found from the
Raman spectra, which is very sensitive to the change in the structure, symmetry, and short-range order
at nanoscale. As shown in Figure 3, six robust active modes could be observed, labeled as <Pb2+>,
C, σ and R, <Ti–O>, and <Nb–O>, respectively. These modes originate from the vibrations of the
Pb2+ cation, coupling between Pb2+ and the neighboring entities, B–O bending and ion-covalent BO6

vibration (B/Ti and Nb), stretching TiO6 and NbO6 modes, respectively. One can see that the σ, R,
and <Ti–O> modes reveal a blue shift as well as a decrement of the peak intensity with increasing
temperatures. These results are well consistent with the observations reported by Mishra et al. [19]
and Cheng et al. [20]. The gradual shift of these modes also implies that the structure evolution of
PZN-9PT is continuous rather than mutational, in agreement with the XRD results.

Figure 3. The temperature-dependent Raman spectra of PZN-9PT. Red solid circles show the shifts
and intensity changes of the related Ti–O vibration peak. The right image shows a schematic of the
structure evolution and corresponding atomic models.

2.2. Piezoelectric Properties of PZN-9PT Crystals

On account of the multi-phase coexistence, PZN-9PT possesses excellent piezoelectric, electromechanical,
and ferroelectric properties. Figure 4a,b display the longitudinal mode impedance and phase angle,
and the corresponding thickness mode impedance and phase angle at room temperature, respectively.
Based on the resonance frequency (fr) and anti-resonance frequency (fa), the longitudinal (k33) and
thickness (kt) electromechanical coupling factors are calculated to be 92% and 72%, respectively, by the
following equations [21,22]:

k2
33 =

fr

fa
cot (

π

2
fr

fa
) (1)

and
k2

t =
π

2
fr

fa
tan (

π

2
fa − fr

fa
). (2)

These results indicate that the PZN-9PT single crystals exhibit high electromechanical coupling
properties. It is also worth noting that the kt of TSSG-growth PZN-9PT is substantially superior to the
modified Bridgman method [23]. The piezoelectric coefficient d33 is measured to be 2350 pC/N by a
d33 meter. According to the resonance measurement, the d33 can be calculated to be 2240 pC/N which
is slightly lower than the directly measured value.

The polarization-electric field (P–E) hysteresis loops of the PZN-9PT crystal were measured as a
function of electric field and temperature at 2 Hz, which is shown in Figure 4c. It can be seen that the
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coercive field Ec decreases with the increase in temperature, but the statured remnant polarization Pr

reaches at a maximum at TO-T firstly and then decreases (Figure 4c), which results from the flexibility
enhancement of domain switching and moving near the TO-T. The statured remnant polarization
Pr reaches 20 μC/cm2, with a coercive electric field Ec = 9 kV/cm at room temperature (Figure 4d).
This evolution between Pr and temperature indicate that the piezoelectric properties gradually become
weak with the phase transition from the O-phase to the T-phase and to the C-phase. It is worth noting
that the coercive field Ec of PZN-9PT single crystal is about 2~3 times larger than that of PMN–33 mol %
PT, manifesting a more stable domain state in PZN–PT single crystals.

 

Figure 4. (a) Longitudinal impedance and phase angle as a function of frequency based on resonance
and anti-resonance frequencies for [001]-oriented bar PZN-9PT crystals; (b) Thickness impedance and
phase angle as a function of frequency for [001]-oriented square PZN-9PT crystals; (c,d) P–E loops of
[001]-oriented PZN-9PT crystal at different temperatures and electric fields, respectively.

2.3. Nano Twin Domains of PZN-9PT Crystals

One probable explanation for the excellent properties of PZN–PT is the adaptive phase model
based on nanoscale twinned O and T domains [24], which is evidenced in this work. The dark
field TEM image (Figure 5a) shows a large number of domain-like bend striations in the order of
several tens of angstrom units wide, indicating a typical relaxor domain structure. Similar domain
striations were previously reported by Xu et al. [25] in the compositions near the MPB of PMN-xPT
and were designated as tweed-like structures. The selected area electronic diffraction (SAED) pattern
captured along the pseudocubic [001] zone axis (Figure 5b) shows that the 220 and 2-20 reflections
are perpendicular to each other strictly, as illustrated by the blue dashed square. This result implies
that the phase of as-grown PZN-9PT belongs neither to a monoclinic nor to a rhombohedral structure,
well consistent with the XRD results. Additionally, the single crystals of PZN-9PT exhibit twin
structures, as suggested by the red curve line in the upper left of Figure 5b from the profile line of the
emission diffraction spot (as marked by the red dashed line in Figure 5b). This result can be further
confirmed by the high resolution TEM (HRTEM) images, as shown in Figure 5d, corresponding to
the inverse Fast Fourier Transformation (FFT) image from Figure 5c. The average domain size has
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been estimated to be about 8.3 nm in width, as labeled by the yellow double arrow in Figure 5d.
Probably, the twin structures induce the crystal of PZN-9PT to exhibit the outstanding piezoelectric
properties, as demonstrated in Figure 4. Moreover, from the inverse FFT image (Figure 5f) of the
blue rectangle area in Figure 5e, we can calculate the lattice parameters of a and b for the PZN-9PT
crystals to be about 4.05 Å and 4.03 Å, respectively, which are well consistent with the XRD results
(O-phase: a = 4.031 Å, b = 4.05 Å; T-phase: a = b = 4.036 Å). Based on above observations, the correlation
between the structure evolution and domain configuration reveals something interesting and important
for understanding the origin of the giant piezoelectric response in PZN-PT. The continuous behavior
of the phase evolution implies that PZN-9PT is in an instable regime, which may be the key factor
responsible for its ultrahigh piezoelectric coefficient. Temperature-dependent TEM and/or in-situ
synchrotron white-beam X-ray microdiffraction analyses [26] should be conducted in the future to
establish possible correlations. It can be reliably speculated that the coexistence of the T-phase and
O-phase results in large amounts of nanoscale twin domains, while the coexistence of the T-phase and
the C-phase lead to nanoscale domains (including nano twin domains) and PNRs at around phase
transition points and thus is responsible for the diffuse dielectric peaks.

 

Figure 5. TEM images: (a) low TEM image; (b) SAED image; (c,e) high resolution TEM image;
(d) corresponding to the inverse FFT image of (c); (f) corresponding to the inverse FFT image of the
blue rectangle area in (e).

3. Materials and Methods

3.1. Fabrication of PZN-9PT Single Crystal

The PZN-9PT single crystals were grown with a top-seeded solution. The start materials,
PbO (99.9%), TiO2 (99.9%), ZnO (99.9%), and Nb2O5 (99.9%), were mixed according to the designed
composition of PZN-9PT. Here, 10% of ZnO in excess of the stoichiometric ratio mole was added in the
mixture to suppress the pyrochlore phase and decrease segregation simultaneously. The mixture of
PbO and H3BO3 (99.9%) was used as a flux. The growing process was similar to the ones described
in [27,28]. The weighed chemicals were thoroughly mixed and loaded into a platinum crucible with a
size of Φ 40 × 50 mm2, which were then placed into a vertical tube furnace equipped with an automatic
temperature controller to melt. The furnace was heated from room temperature to 1050 ◦C at a rate
of 100 ◦C/h, held for 20 h, then slowly cooled from 1050 to 970 ◦C at a rate of 5 ◦C/h, and then from
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940 to 900 ◦C at a rate of 0.5 ◦C/h. At the end of the slow cooling process, the as-grown crystal was
pulled out of the melt and then annealed to room temperature at a rate of 20 ◦C/h.

3.2. Characterization Procedure

Firstly, the crystal component was analyzed by inductively coupled plasma optical emission
spectrometry (ICP-OES). Then, in situ high-temperature XRD data were collected using the D8 Advance
(Bruker, Karlsruhe, Germany) high temperature-diffractometer equipped with Cu Ka radiation and a
graphite monochromator. The scan step is of 0.02◦ (2θ) with an angular range of 10◦–70◦. The as-grown
single crystals were sliced into plates and bars along the [001] direction with different dimensions
for the electric measurements. A sample with dimensions of 4L × 4W × 0.5T mm3 was used for
dielectric and piezoelectric measurements, and another sample with dimensions of 3.5L × 2.5W × 0.6T

mm3 for ferroelectric measurements. For resonance and anti-resonance measurements, a sample with
dimensions of 0.9L × 0.9W × 3.12T mm3 was prepared. All the samples were polished and coated
with silver paste as electrodes. The dielectric properties were measured using a computer-controlled
Alpha-A broadband dielectric/impedance spectrometer (Novocontrol GmbH, Montabaur, Germany),
with an AC signal of 0.3 V (peak-to-peak) applied. Measurements were carried out from −30 to
300 ◦C with a step of 2 ◦C. The same setup was used to measure the resonance frequency (fr) and
anti-resonance frequency (fa) of a bar sample. Poling was performed by applying a DC electric field of
15 kV/cm along the [001] direction of the crystal at 120 ◦C for 15 min, and then by keeping the electric
field on while cooling down to room temperature. The piezoelectric coefficient was measured using a
quasi-static d33 meter (Institute of Acoustics, Chinese Academy of Sciences, model ZJ-4AN, Beijing,
China). The polarization-electric field (P–E) hysteresis loop was tested using an aix-ACCT TF2000
analyzer. The microstructure of the crystal sample was studied by TEM (JEOL, JEM-2100F, Tokyo,
Japan). The out-of-plane feature of the ferroelectric domains was investigated by a piezoelectric force
microscope (Asylum Research, Oxford, UK).

4. Conclusions

To sum up, the evolution of phase transition of the relaxor ferroelectric PZN-9PT from the orthorhombic
to cubic structure is a continuous process rather than a sharp process, as demonstrated by the variable
XRD and Raman spectra. This phenomenon is very similar to the phase transition of paraffin from solid
to liquid. Resonance and anti-resonance spectra show that the PZN-9PT single crystals exhibit excellent
piezoelectric properties, which probably originates from their twin structures, as demonstrated by TEM.
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Abstract: The phase behavior of the layered perovskite CsBi0.6La0.4Nb2O7, of the Dion-Jacobson
family, has been studied by high-resolution powder neutron diffraction between the temperatures
of 25 < T < 850 ◦C. At ambient temperature, this material adopts the polar space group P21am;
this represents an example of hybrid improper ferroelectricity caused by the interaction of two
distinct octahedral tilt modes. Within the limits of our data resolution, the thermal evolution of the
crystal structure is consistent with a first-order transition between 700 and 750 ◦C, with both tilt
modes vanishing simultaneously, leading to the aristotype space group P4/mmm. This apparent
“avalanche transition” behavior resembles that seen in the related Aurivillius phase SrBi2Nb2O9.

Keywords: polar crystal; layered perovskite; hybrid improper ferroelectric; phase transition

1. Introduction

Recent theoretical work has revealed novel mechanisms for designing non-centrosymmetric,
polar and potentially ferroelectric materials, based on the coupling of two or more distinct structural
distortions (“modes”) [1–4]. So-called “hybrid improper ferroelectrics” (HIFs) have now been
postulated for several families of layered perovskites, by the coupling of two distinct “octahedral
tilt” modes with a polar mode. Although octahedral tilting has been a well-established phenomenon
in perovskite crystallography for many years [5–7], in simple three-dimensional ABX3 perovskites
all the simple octahedral tilt schemes (as classified by Howard and Stokes [7]) give rise to
strictly centrosymmetric crystals. It is now recognized that in more complex cases, for example
cation-ordered or layered perovskites, inversion symmetry may be broken directly by particular
combinations of octahedral tilt modes. The concept of HIFs has been typically applied by theorists
to mean the imposition of a stable polar ground state in a crystal via the coupling of two or more
intrinsically non-polar modes with a polar mode (“tri-linear coupling”), with no requirement for
an experimentally-realized polarization reversal. However, such experimental demonstrations of
polarization-field hysteresis have now been reported, for example in the Ruddlesden-Popper (RP)
phase Ca3Ti2O7 [8] and the Dion-Jacobson (DJ) phase RbBiNb2O7 [9].

Prior to the recent flurry of work from the theoretical standpoint, it was known that
ferroelectricity, or at least polarity, co-existed with octahedral tilting in several layered perovskites,
the most well-established being the Aurivillius family, exemplified by SrBi2Ta2O9 and Bi4Ti3O12 [10].
Snedden et al. [11] later made the intuitive link between the nature of octahedral tilting in the DJ
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phase CsBiNb2O7 and that in SrBi2Ta2O9; both have a tilt system analogous to that described by the
Glazer notation a−a−c+ in ABX3 perovskites. This leads to related superlattices and space groups
in both SrBi2Ta2O9 and CsBiNb2O7, viz. superlattices of ~

√
2at x

√
2at x ct relative to the aristotype

tetragonal phase in each case, and polar space groups A21am and P21am in SrBi2Ta2O9 and CsBiNb2O7,
respectively. The nature of these superlattices and the allowed space groups of the possible distorted
structures may be systematized by considering which particular distortion modes give rise to the
specific tilts within each family of layered perovskites. So, for example, the “out-of-phase tilt”, a−a−c0,
and the “in-phase tilt”, a0a0c+, correspond to the modes with irreducible representations M5

− and
M2

+, respectively, for the DJ phases of the type AA’B2O7, for which the parent phase is described
in space group P4/mmm (these are “n = 2” examples of the generic DJ composition AA’n−1BnO3n+1,
with n representing the number of octahedral layers per perovskite-like block). The coupling of the
two modes leads naturally to the polar space group P21am for CsBiNb2O7 and, in principle, permits
ferroelectricity. These ideas have been described in more detail by Benedek et al. [3,4].

Although the a−a−c+ tilt system is predicted to be a stable option for DJ phases of the type
AA’B2O7, recent experimental work has shown that other related polymorphs are possible, and a
tilt system a−b0c+, in polar space group Amm2, has been reported in CsLaNb2O7 in the range
350 < T < 550 K [12] (curiously an earlier single crystal X-ray study of CsLaNb2O7 reported the adoption
of the aristotype tetragonal structure, P4/mmm at 296 K [13]). Moreover, a recent experimental and
theoretical study of the triple-layer DJ phase CsBi2Ti2NbO10 has suggested that a proper rather than
improper mechanism drives the polarity of the ambient temperature phase [14]. It is therefore of
interest to explore more fully the phase behavior of further examples of the DJ family in order to map
out the occurrence of the possible tilt systems, especially those giving rise to polarity, and also the
nature of phase transitions in these systems as a function of T.

In our earlier work [11], it was established that both CsBiNb2O7 and CsNdNb2O7 adopted
the polar P21am space group at ambient temperature, with the latter composition displaying a
much reduced orthorhombic distortion relative to the former. Later, Fennie and Rabe predicted
ferroelectricity in CsBiNb2O7 from a first-principles DFT study [15]. Our follow-up experimental
studies [16] on CsBiNb2O7 suggested that ferroelectricity was hindered by moisture uptake, leading to
proton conductivity and leakage. Nevertheless, a more recent work by Chen et al. [17] did provide
experimental evidence for ferroelectricity in this compound. Goff et al. [16], attempted to determine
any high temperature phase transitions in CsBiNb2O7 using powder neutron diffraction: no evidence
for phase transitions was identified up to 900 ◦C, above which sample deterioration precluded further
study. By analogy with CsNdNb2O7, we speculated that La-doping of CsBiNb2O7 would reduce
the orthorhombic distortion such that any phase transition to higher symmetry might be brought
down in temperature relative to that of CsBiNb2O7, and make this transition more amenable to
experimental study.

In this paper, we report the phase behavior of CsBi0.6La0.4Nb2O7; this composition was
chosen since CsBiNb2O7 and CsLaNb2O7 have been shown to adopt different phases at ambient
temperature, and it was anticipated that a phase transition(s) might be observable within a reasonable
temperature regime.

2. Results

Ambient temperature structure: Preliminary studies focused on the solid solution CsBi1−xLaxNb2O7

(see Supplementary Information), which is confirmed to exist for all compositions, 0 < x < 1. The x = 0.4
composition, i.e., CsBi0.6La0.4Nb2O7, was chosen for further study by high-resolution powder neutron
diffraction. Initial analysis of the room-temperature powder neutron diffraction (PND) data assumed
the P21am model previously identified for CsBiNb2O7 [11]. Rietveld refinement suggested this model
to be correct, with an excellent fit, accounting for all observed peak splittings and superlattice peaks
(Figure 1). However, in order for this assignment to be unambiguous, other options need to be
considered. There are two aspects to this: first, the unit cell metrics need to be determined and second,
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the nature of any characteristic superlattice peaks (especially those arising from octahedral tilting)
needs to be established.

Considering the unit cell metrics first: the possible superlattice options to be considered are either
an approximate doubling or quadrupling of the unit cell in the ab plane; i.e., a ~b ~

√
2at or a ~b ~2at.

Superlattices along the c-axis are not considered in the simplest scheme (and are not necessary in this
case). These two options can easily be distinguished based on related peak splittings observed in the
experimental PND data: the

√
2at metric splits peaks of the type (hhl) in the parent tetragonal phase,

whereas the 2at metric splits peaks of the type (h0l/0kl). Specific peaks labelled in Figure 1 confirm
unambiguously that an orthorhombic (or lower) symmetry unit cell of metrics a ~b ~

√
2at, c ~ct, is

required to account for all the observed peak splittings.

Figure 1. Portion of the Rietveld plot for the P21am model at ambient temperature. Peaks marked
‘M’ represent superlattice peaks at the M-point; peaks marked “O” are subcell peaks that split into
doublets in this superlattice (a ~b ~

√
2at), whereas the peak marked “A” represents a peak that would

be split if the alternative supercell (a ~b ~2at) was present. The peak at d ~2.14 Å is from the vanadium
sample holder.

Strayer et al. [12] listed all models corresponding to the simple combinations of octahedral tilts
for this structural family (see Supplementary information in Reference [12]). Specifically, the definition
of simple combinations here means that there are four distinct octahedral tilts modes to be considered,
viz. in-phase and out-of-phase tilts of two adjacent octahedra along the a (and/or b) and c axes of the
parent tetragonal unit cell. These four modes are given the Glazer-like symbols a+ (or b+) and c+ for
the respective in-phase tilts and a− (b−) and c− for the out-of-phase tilts. In turn, these distortions give
rise to superlattice peaks in the diffraction pattern at characteristic points, labelled M (k = 1

2 , 1
2 , 0) or X

(k = 0, 1
2 , 0) relative to the parent tetragonal reciprocal lattice. The specific modes corresponding to

each of the four possible tilts are X1
+ (a+), M5

− (a−) M2
+ (c+) and M4

− (c−). The nature of these modes
and their effect on the diffraction pattern can be probed using the on-line software ISODISTORT [18].
The X-point mode can be easily ruled out (no peaks are visible at the relevant positions), but the
M-point modes provide some ambiguity, as they may contribute to many of the same superlattice
peaks. In fact, closer inspection of the allowed superlattice intensities from each of the M-point modes
reveals that the M4

− mode can also be ruled out: we also note that neither the X1
+ nor the M4

− modes
were considered in the earlier theoretical studies [3,15]. The M5

− mode is certainly required, as it is
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the only contributor to certain peaks (for example the one near d ~2.5 Å). The M2
+ mode contributes to

several observed peaks (for example those near d ~2.4 Å), but the M5
− mode may also contribute to

those. Table 1 lists an abbreviated selection of the possible octahedral-rotation-induced superlattices of
Strayer et al. Taking into account the requirement of a

√
2at x

√
2at x ct orthorhombic metric and the

presence of at least the M5
− mode (and also possibly the M2

+ mode) reveals the only plausible models
are the P21am and Pmam ones, as suggested by Snedden et al. [11] for CsBiNb2O7. In particular, the
Amm2 model observed for CsLaNb2O7 can be ruled out in the present case. In order to confirm P21am
as the correct model for CsBi0.6La0.4Nb2O7 at ambient temperature, a comparative refinement against
the Pmam model was carried out. This led to agreement factors of χ2 ~5.870 and 9.081, for the P21am
and Pmam models. P21am is therefore selected as the best model at ambient T. The corresponding
crystal structure is shown in Figure 2, refined atomic parameters are given in Table 2 and selected bond
lengths in Table 3.

Figure 2. Crystal structure of CsBi0.6La0.4Nb2O7 at ambient temperature (a) down the c-axis, showing
the in-phase (M2

+) tilt and (b) perpendicular view, showing the out-of-phase (M5
−) tilt.

Table 1. Example models based on combinations of octahedral tilt modes (adapted from
Strayer et al. [12].)

Glazer Notation Active Modes Space Group Metrics

a0a0c0 None P4/mmm at x at x ct
a0a0c+ M2

+ P4/mbm
√

2at x
√

2at x ct
a0a0c− M4

− P4/nbm
√

2at x
√

2at x ct
a+a+c0 X1

+ P4/mmm 2at x 2at x ct
a−a−c0 M5

− Pmam
√

2at x
√

2at x ct
a−a−c+ M2

+ ⊗
M5

− P21am
√

2at x
√

2at x ct
a−b0c0 M5

− Cmmm 2at x 2at x ct
a−b0c+ M2

+ ⊗
M5

− Amm2 * ct x 2at x 2at
a−b−c0 M5

− P2/m
√

2at x ct x
√

2at
a−b−c+ M2

+ ⊗
M5

− Pm
√

2at x ct x
√

2at

* C2mm setting for c corresponding to ct.
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Table 2. Refined structural model for CsBi0.6La0.4Nb2O7 at 25 ◦C. Space group P21am, a = 5.49618 (14),
b = 5.46012 (14), c = 11.3254 (3) Å.

Atom Wyckoff Position x y z 100 * Uiso (Å2)

Cs1 2b 0.3349 (17) 0.2579 (12) 0.5 2.08 (10)
Bi/La1 * 2a 0.367 0.2692 (8) 0.0 2.91 (11)

Nb1 4c 0.3334 (10) 0.7540 (6) 0.20533 (14) 0.56 (7)
O1 2a 0.321 (2) 0.6892 (9) 0.0 2.83 (15)
O2 4c 0.3272 (12) 0.7812 (7) 0.3574 (2) 1.66 (9)
O3 4c 0.0869 (15) 0.0104 (12) 0.1589 (3) 3.10 (13)
O4 4c 0.5290 (11) 0.4590 (8) 0.1840 (3) 2.25 (13)

* fixed occupancy Bi0.6La0.4; the x-coordinate is fixed to define the origin of the polar axis.

Table 3. Selected bond lengths (Å) for CsBi0.6La0.4Nb2O7 at 25 ◦C in the P21am model.

Cs-O Bond Length (Å) Bi/La-O Bond Length (Å) Nb-O Bond Length (Å)

Cs1-O2 × 2 3.063 (7) Bi1-O1 2.307 (7) Nb1-O1 2.3531 (19)
Cs1-O2 × 2 3.158 (10) Bi1-O1 2.508 (12) Nb1-O2 1.730 (3)
Cs1-O2 × 2 3.231 (10) Bi1-O3 × 2 2.651 (6) Nb1-O3 1.968 (9)
Cs1-O2 × 2 3.282 (7) Bi1-O3 × 2 2.758 (6) Nb1-O3 2.018 (8)

Bi1-O4 × 2 2.492 (4) Nb1-O4 1.952 (6)
Nb1-O4 2.052 (6)

Structural Evolution Versus T: The continued presence of orthorhombic distortion can easily
be determined on raising the temperature, by tracking the O peak splittings highlighted in Figure 1.
However, since the M-point superlattice peaks are very weak, even at ambient temperature, it is
problematic to use a simple qualitative visual observation of these as a single reliable measure of
the structural distortions versus T. Instead, full comparative Rietveld refinement of the structure in
both P21am and Pmam models is the preferred method of discrimination (since the tilts significantly
affect the intensities of the subcell peaks, in addition to the supercell peaks). Both models were
therefore refined against each data set up to 725 ◦C, taking care to use a consistent set of parameters
throughout (see Experimental). At 700 ◦C the orthorhombic splitting is still clearly seen in the raw
data, but at 725 ◦C the splitting disappears, and the unit cell becomes metrically tetragonal (Figure 3).
The parent P4/mmm model was therefore trialed at 725 ◦C and above, with a further check on the
alternative possible tetragonal model, P4/mbm (a0a0c+, Table 1) at 725 ◦C only. In addition to tracking
the comparative fit quality for the two orthorhombic models, ISODISTORT was used to derive the
mode amplitudes versus T. Thermal evolution of the unit cell parameters is given in Figure 4, and for
the distortion modes in Figure 5. Comparative goodness-of-fit parameters (χ2) for the P21am and Pmam
models are given in Figure 6.

The difference in χ2 values clearly supports the assignment of the P21am rather than the Pmam
model up to 700 ◦C (χ2 values are 2.055 and 2.273 for P21am and Pmam, respectively, at 700 ◦C).
In addition, the tilt mode amplitudes (Figure 5) tend towards zero, but do not become zero, at 700
◦C. The negligible difference in fit quality between the four models tested at 725 ◦C (χ2 values 2.065,
2.054, 2.041 and 1.883 for P4/mmm, P4/mbm, Pmam and P21am, respectively) supports the absence of
both tilt modes at this temperature (we note that the refinement in the P21am model was unstable to
the refinement of thermal parameters, thus a direct comparison is not possible). Although the unit
cell volume has no clear discontinuity within the temperature resolution of our datasets, the fact that
the polar mode Γ5

− seems to have a step-like change at the transition may indicate the existence of a
first-order component.

We attempted to fit the thermal evolution of the tilt modes, M2
+ and M5

−, to critical behavior of the
form: amplitude = A (Tc − T)β. This produced the fit parameters of A = 0.0292, 0.227; TC = 749, 742 ◦C;
β = 0.401, 0.127 for the M2

+ and M5
− modes, respectively. The key observation here is that the derived

value of TC is approximately equal for the two modes, implying that they condense simultaneously.
Unfortunately, the paucity of data in the vicinity of TC prohibits a definitive conclusion about the exact
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TC and β values, and also the specific mode which drives the transition. However, further support
for our crystallographic model comes from a measurement of dielectric properties versus T. Figure 7
shows a single dielectric maximum just below 750 ◦C, with no evidence of any lower temperature
anomalies. This supports an abrupt, single phase transition, as was observed crystallographically.

Figure 3. Portion of the Rietveld plot for the P4/mmm model at 725 ◦C. Note the absence of both M
superlattice peaks and O splittings, compared to Figure 1.

Figure 4. Thermal evolution of the unit cell parameters. (a) a (squares) and b (circles) parameters;
(b) c parameter; (c) unit cell volume, suggesting a first-order orthorhombic-tetragonal phase transition
near 725 ◦C. Note that the a and b parameters in the orthorhombic phase are normalized to the
tetragonal subcell (i.e., divided by

√
2).
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Figure 5. Thermal evolution of the mode amplitudes (from ISODISTORT). (a) M2
+ (squares) and

M3
+ (circles) modes: M2

+ is the in-phase tilt around c, M3
+ is a minor octahedral distortion mode;

(b) M5
− mode: this mode is largely composed of contributions from the out-of-phase tilt around the ab

plane, but also incorporates minor contributions from antiferrodistortive cation displacements along b;
(c) Γ5

− mode: this is the polar mode (i.e., polar displacive contributions from all atoms along the a-axis).

Figure 6. Comparison of Rietveld goodness-of-fit parameters (χ2) for the P21am and Pmam models up
to a temperature of 700 ◦C.
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Figure 7. Relative permittivity data for CsBi0.6La0.4Nb2O7 at selected frequencies, obtained on cooling.
Data collected at a frequency of 10 kHz are shown by red circles, 100 kHz by blue triangles and 1 MHz
by pink triangles.

Taken together, these observations suggest a direct to transition from P21am to P4/mmm in the
vicinity of 700–750 ◦C; we note that Landau theory requires the direct P21am to P4/mmm transition to be
first-order, whereas the Pmam to P4/mmm transition is allowed to be continuous. Hence, the most likely
scenario, which is also compatible with the present data, is that both tilt modes are lost simultaneously,
with no substantial evidence for an intermediate phase of symmetry Pmam or P4/mbm (Table 1).
The final refined model in P4/mmm at 750 ◦C is given in Tables 4 and 5.

Table 4. Refined structural model for CsBi0.6La0.4Nb2O7 at 750 ◦C. Space group P4/mmm, a = 3.92282
(16), c = 11.4138 (5) Å.

Atom Wyckoff Position x y z 100 * Uiso (Å2)

Cs1 1b 0.0 0.0 0.5 7.09 (13)
Bi/La1 * 1a 0.0 0.0 0.0 7.17 (16)

Nb1 2h 0.5 0.5 0.20414 (16) 2.13 (9)
O1 4i 0.0 0.5 0.17054 (17) 5.56 (10)
O2 2h 0.5 0.5 0.3555 (3) 6.44 (13)
O3 1c 0.5 0.5 0.0 7.20 (17)

* fixed occupancy Bi0.6La0.4.

Table 5. Selected bond lengths (Å) for CsBi0.6La0.4Nb2O7 at 750 ◦C in the P4/mmm model.

Cs-O Bond Length (Å) Bi/La-O Bond Length (Å) Nb-O Bond Length (Å)

Cs1-O2 × 8 3.2273 (14) Bi1-O1 × 8 2.7634 (14) Nb1-O1 × 4 1.9985 (5)
Bi1-O3 × 4 2.77385 (11) Nb1-O2 1.727 (4)

Nb1-O3 2.3300 (18)

3. Discussion and Conclusions

The present study indicates, within the temperature resolution of our data, a direct first-order
transition from the parent, untilted phase, P4/mmm, to the observed ambient temperature phase,
P21am (tilt system a−a−c+). This requires the simultaneous condensation of the two tilt modes M5

−

(a−a−c0) and M2
+ (a0a0c+), which couple with the polar mode, Γ5

−. This special case of tri-linear
coupling has been termed an “avalanche transition” [19]. Due to the temperature increments used
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in this experiment, we cannot fully rule out a possible intermediate phase of symmetry Pmam or
P4/mbm but, if present, this must only exist in a narrow temperature interval around 700 to 750 ◦C.
Avalanche transitions are rare, but such a transition has been confirmed in the Aurivillius phase
ferroelectric, SrBi2Nb2O9 [20,21], which also displays the tilt system a−a−c+. It has been suggested
that SrBi2Nb2O9 differs from its analogue SrBi2Ta2O9, which does display an intermediate phase
(tilt system a−a−c0), because the magnitudes of the three necessary distortion modes in the ground
state (i.e., ambient temperature) polar phase are relatively similar, rather than one tilt mode being
dominant [21]. In their detailed study of CsLaNb2O7, Strayer et al. [12], reported a tilt system a−b0c+

(space group Amm2, Table 1) between 550 and 350 K. This phase also requires the condensation of
both the M2

+ and M5
− tilt modes, but differs from the present P21am phase in the direction of the

M5
− mode. It might also be expected that an intermediate phase would be observed in the P4/mmm

to Amm2 pathway seen in CsLaNb2O7; i.e., via the sequential loss of either M5
− then M2

+, or vice
versa. The corresponding intermediate phases (Table 1) in that case would be a0a0c+ (P4/mbm) or
a−b0c0 (Cmmm). Strayer et al. ruled out these pathways by the observation of a clear SHG signal,
signifying non-centrosymmetricity, and thus implying an avalanche transition in this composition also.
As the present study represents the only detailed crystallographic study so far of the tilt transitions
concerning a verified P21am phase (a−a−c+) in the n = 2 DJ family, it remains to be seen whether such
avalanche transitions are common in the DJ family.

4. Experimental Section

4.1. Synthesis

A phase pure sample of CsBi0.6La0.4Nb2O7 was prepared using traditional ceramic methods.
Stoichiometric amounts of La2O3 (99.9% Sigma-Aldrich, Dorset, UK, Nb2O5 (99.9% Alfa Aesar,
Lancashire, UK) and a 20% excess of Cs2CO3 (99% Alfa Aesar, Lancashire, UK) were dried at 100 ◦C for
24 h. The loose powders were ground for a period of 30 min and pressed into pellets of approximately
10 mm diameter and 5 mm thickness. The pellets were annealed at 1000 ◦C for a period of 24 h with a
cooling rate of 10 min−1.

4.2. Powder Diffraction

Sample purity was gauged by preliminary X-ray diffraction using a PANalytical Empyrean
(Cu Kα1 radiation).

Neutron powder diffraction (NPD) was performed at beamline HRPD (High resolution powder
diffractometer), ISIS facility, Oxfordshire, UK. A sample of approximately 5 g was placed in an
8-mm cylindrical vanadium can before loading into the diffractometer vacuum furnace. Patterns were
collected at room temperature, and then at 100 intervals between 200–800 ◦C with a final data collection
at 850 ◦C, each data collection lasting approximately 3.5 h, with the exception of the data collections at
600 and 700 ◦C (which lasted approximately 2 h). Intermediate patterns were collected at intervals
of 10 between 810 and 840 ◦C, and 25 intervals between 725 and 775 ◦C, each data collection lasting
approximately 25 min.

Rietveld refinement was performed using GSAS [22] and the EXPGUI interface [23]. The same set
of standard parameters were used, including 3, 3, 21 and 5 parameters to model instrumental variables,
scale factors, background and peak-shape for each dataset in the region of RT to 700 ◦C. The same
refinement strategy was employed for the remaining high temperature datasets, except that the number
of background terms was decreased from 21 to 18. A significant contribution from the vanadium
sample can was seen throughout and this was fitted as a secondary phase at each temperature.

4.3. Dielectric Measurements

Pellets were electroded with sputtered Au before being coated with Ag paste (RS components).
Dielectric measurements were made using a Wayne Kerr 6500B impedance analyzer with the sample
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mounted in a tube furnace. Capacitance and loss data were recorded in the frequency range of
100–10 MHz at a heating and cooling at a rate of 2 K min−1 over the temperature range of 50 to
approximately 750 ◦C. Data collected on the cooling cycle are described here, since the heating cycle
showed an additional anomaly due to the failure of the Ag paste (which is used to protect the Au
electrode). Nevertheless, there was no evidence for hysteresis during the heating/cooling cycle.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4352/7/5/135/s1,
Figure S1: (a) normalised a (black squares) and b (red circles) lattice parameters obtained for varying values of x
across the solid solution CsBi1−xLaxNb2O7, (b) c lattice parameter for varying values of x and (c) (normalized)
unit cell volume for varying values of x.
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Appendix A

Further details of the crystal structures at selected temperatures may be obtained
from Fachinformationszentrum (FIZ) Karlsruhe, 76344 Eggenstein-Leopoldshafen, Germany
(e-mail: crysdata@fiz-karlsruhe.de) on quoting deposition numbers 432943-432945. The research
data (raw neutron diffraction data) pertaining to this paper are available at http://dx.doi.org/10.
17630/404e3a8f-3346-4dcc-b90a-62795097b1eb.
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Abstract: The structure solution from powder diffraction has undergone an intense evolution during
the last 20 years, but is far from being routine. Current challenges of powder crystallography
include ab initio crystal structure determination on real samples of new materials with specific
microstructures, characterization of intermediate reaction products from in situ, in operando
studies and novel phases from in situ studies of phase diagrams. The intense evolution of electron
diffraction in recent years, providing an experimental (precession) and theoretical (still under
intense development) solution to strong dynamic scattering of electrons, smears the traditional
frontier between poly- and single-crystal diffraction. Novel techniques like serial snapshot X-ray
crystallography point in the same direction. Finally, for the computational chemistry, theoreticians
hand-in-hand with crystallographers develop tools where the theory meets experiment for crystal
structure refinement, which becomes an unavoidable step in the validation of crystal structures
obtained from powder diffraction.

Keywords: powder diffraction; structure solution; X-ray diffraction; DFT calculations; electron diffraction

1. Crystal Structures from Powders: Where Are We Currently?

Crystal structure determination using powder diffraction (SDPD) started only three years after
W.L. Bragg published four crystal structures (NaCl-type) from single crystal data [1]. Peter Debye
and Paul Scherrer had solved in 1916 the structure of LiF [2] from X-ray powder diffraction data.
The author has no intention to review the long and successful history of SDPD in this review; the reader
can consult an excellent review by A.K. Cheetham, Chapter 2 in [3], by W.I.F. David in [4] or by
W. Paszkowicz in [5]. The structure solution means in this article determination of the (average)
3D-periodic arrangement of the atoms in the crystal using mainly the information content of Bragg
scattering in the diffraction pattern. The case of aperiodic crystals (modulated and quasicrystals),
of short-range order (diffuse scattering), as well as of nano-crystals (crystals without measurable
Bragg signals) will not be discussed here. The structure prediction, on the other hand, will be used
in the sense of the determination of the 3D arrangement of the atoms in the crystal using mainly
first-principle calculations, and any experimental observation, like the diffraction pattern, is used only
for the validation of the predicted structural model.

1.1. Indexing: Still a Bottleneck

Despite an intense development of indexing algorithms in the last 20 years, the detection of the
correct lattice may still be a bottleneck of the structure solution in the case of low resolution powder
patterns or in the case of monoclinic and triclinic symmetry. A review of known indexing algorithms
may be found in Chapter 7 of [3], Chapter 5 of [6] and Chapter 7 of [7]. Each crystallographer and
each crystal may work better with a particular algorithm, but as is said in another excellent indexing
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review [8]: “Powder indexing works beautifully on good data, but with poor data it will usually not
work at all”. The author can only agree with that statement and add (unidentified source, but very
probably R. Shirley): “Success of the indexing increases proportionally with the number of different
applied indexing programs”. The author’s personal choice is the dichotomy algorithm (see [9] for a
historical review) nicely implemented in the programs DICVOL04 [10], Fox [11,12] and X-Cell [13].
The advantage of the dichotomy algorithm is its speed (especially in Fox) and its robustness towards
low data quality. Indexing is followed by space group determination, which is based on systematic
extinction analysis supported by the knowledge of crystal physical properties, like piezoelectricity,
the presence of which excludes centrosymmetric space groups. Fairly robust algorithms for space group
determination are based on full pattern fitting (Le Bail or Pawley), available in most software packages.

The indexing can be quite difficult for the crystals lying on opposite ends of the symmetry scale:
Low-symmetry crystals: The indexing algorithm very often proposes for monoclinic crystals

several solutions, which are hard to rank on the basis of usual criteria like expected cell volume
(based on formula volume and the number of formulas in the cell, in agreement with Wyckoff site
multiplicities) and figure-of-merit. A very strong criterion of the cell validity (not only for monoclinic
crystals) is the observation of crystallographic extinctions. This means that a cell that shows an
extinction of, for example, reflection 020 will rarely be the correct one, unless there is an explanation
for it, like the use of X-rays for compounds where hydrogen is not only bonded to a molecule like a
terminal ligand, but it is a crystal building element like an anion.

High-symmetry crystals: The indexing algorithms often find a sub-cell, which does not clearly
show crystallographic extinctions. The failure of the indexing may not be in an erroneously-used
impurity reflection or low precision of peak positions, but in too low of an upper limit for the cell
volume. Do not be afraid of big cells! If one of the indexing solutions is a big cell with many
crystallographic extinctions pointing clearly to one extinction symbol, it is highly probable that this is
the correct one. Very nice examples are recent solutions of two metal borohydrides KAl(BH4)4 [14] and
Li3Cs2(BH4)5 [15], both in the rare space group Fddd.

A particular difficulty is indexing of multiphase samples. Even if peaks of known phases are
identified in the measured powder pattern, one is never sure that the remaining peaks belong only to
one novel phase. An elegant solution, used for a long time in many laboratories, is what the author
calls “decomposition-aided indexing” [16]: the in situ powder diffraction data are recorded while the
sample is heated up to the disappearing of the peaks of one unknown phase (decomposition, melting,
reaction). This allows the separation of the peaks of several novel phases.

As a final word about indexing powder patterns, we may use what the author always says to
his students: “If you like your unit cell, then it is correct”. This means that all criteria, such as nice
crystallographic extinctions, cell volume in agreement with the chemical formula and any relation to
the unit cell of related compounds, must be valid simultaneously.

1.2. Fast and Low Noise Data: 2D-Detectors

The 2D-detectors developed for faster and better quality data collection for single crystals became
very popular in powder diffraction. The speed of the data collection has opened the door for in situ
studies involving fast (few seconds) structural changes (phase transitions, reactions) [17]. In addition to
the excellent time resolution, highly accurate diffracted intensities (good powder average) and a lower
sensitivity to preferred orientation are obtained by using 2D-detectors as the whole Debye–Scherrer ring
is collected and not only a short segment of it determined by the window of the point or linear detectors.
This leads to a very low statistical noise in the data (smooth powder pattern), allowing the detection of
very weak peaks needed for correct indexing and space group determination. Logically, the next step
is curved 2D-detectors, in the ideal case a sphere around the sample allowing high Bragg angles to be
collected simultaneously with the low angle data, certainly a challenge for the developers.
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1.3. Which Method for Structure Solution?

The structure solution methods may be generally divided into two groups: intensity extraction
(IE)-based algorithms working in the reciprocal space (traditionally called reciprocal space methods)
and pattern modelling (PM)-based algorithms working in the direct space (traditionally called direct
space methods or global optimization methods) and using the chemical knowledge from that space.
Hybrid methods iterating between both spaces are known as well, but a decisive criterion to classify a
method is whether the method requires integrated intensities of individual peaks in a powder pattern
(IE) or not (PM). A schematic view of possible SDPD roads is given in Figure 1. For a comprehensive
review of the methods, see [3].

Powder diffraction uses the same methodology for the structure solution regardless of the nature
of the compound to be investigated, but the careful selection of the solution algorithm according
to the compound may considerably improve the success rate. The separation of compounds by the
inorganic/organic boundary is of less importance for the diffraction than the knowledge of how the
atoms build up larger building units and the crystal itself. This does not mean a particular difference
for IE methods; however, it becomes important for PM. The structure solution algorithm working in
the direct space has to know how to define basic structural units (BU) of the crystal, which are then
manipulated (optimized) by the algorithm. A molecular/non-molecular boundary is therefore relevant
for the choice of a structure determination method.

Figure 1. Schema of the structure determination from powder diffraction. While for the ideal sample,
there is no need to proceed by assistance of and/or the use of pattern modelling, even if it this road is
possible, the real sample has no other choice than to use assisted pattern modelling.
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1.3.1. Methods Using Intensity Extraction

The methods that work with the integrated intensities extracted from the powder pattern are
the choice when high resolution powder patterns are available, i.e., when an important fraction of
reliable integrated intensities may be extracted down to d ~ 1 Å. For more specific criteria of what the
high resolution pattern means, see Chapter 8 in [3]. Whenever the reliable intensities can be extracted,
these methods should be used, because the long time evolution of direct methods (Chapters 10 and 11
in [3]), Patterson sum-based methods (Chapter 13 in [3]), charge-flipping (dual-space method) [18]
and maximum entropy method [19], to name the most commonly used, has resulted in powerful tools.
The resolution of the powder pattern is nowadays determined mostly by the quality of the sample:
the crystals have to have enough time to crystallize, be in thermodynamic equilibrium, and the sample
must be carefully prepared [20]. Such a crystal will be certainly used when studying the chemistry
or physics of the compound, but the sample is not necessarily representative for a material from
applications where, often, out of equilibrium conditions lead to metastable phases.

Several ideas were developed to assist (and improve) the extraction of integrated intensities from the
powder pattern: those where no additional data must be collected, like the Patterson function (Chapter 12
in [3]), triplet relation based (Chapter 11 in [3]) or maximum entropy related (Chapter 14 in [3]) and those
based on multiple datasets, like texture and thermal dilatation based (Chapter 9 in [3] and [21]).

1.3.2. Methods Using Pattern Modelling

When no reliable integrated intensities can be extracted from a powder pattern, then the only
choice is modelling the pattern as a whole, i.e., a synthetic approach contrary to the analytical
approach (intensity extraction). Such a situation is typical for real conditions of crystallization as
found in many applied materials, in situ studies of reactions and phase transitions. The sample
is as grown and is representative for the material. Often, a high time resolution is required to
catch the intermediate or rapidly transforming phases. There is no need to extract the integrated
intensities; low resolution powder data (~2 Å) are often sufficient, and the methods work with patterns
containing broadened, overlapped peaks. Any additional information about the atomic coordination
and connectivity creating bigger BUs and leading so to a lower number of structural parameters to
be determined is easily used. Generally, the pattern modelling methods differ in the algorithm of
the global optimization, i.e., the algorithm that globally optimizes the structural model to make its
calculated powder pattern better fit the observed one (diffraction cost function). Algorithms are known
from the global optimization field of mathematics, and the simplest algorithms, like reversed Monte
Carlo (RMC) in simulated annealing and parallel tempering mode or evolution algorithms, are used.
For more information, see Chapter 15 in [3] or [22].

PM methods are also easily coupled with any other information aimed to identify the correct crystal
structure: knowledge of the chemistry of the unit cell and bonding between the atoms is already actively
used in construction and merging of BUs. Crystal energy on the level of electrostatic potentials (ab initio
calculations are used for structure validation and prediction, rather than determination) is often coupled
with the diffraction cost function (Chapter 15 in [3]). Crystal chemistry contains valuable knowledge
accumulated by generations of solid state chemists and crystallographers. While it is mostly based on
the observation of known crystal structures and empirical relations among them, it can be very useful
in making a decision about which structural model is more probable. The active use of crystallographic
databases (see www.iucr.org/resources/data) is highly recommended (author’s opinion).

2. Molecular Compounds

A molecule or a complex anion is naturally a BU formed by strong intramolecular interactions
(covalent) and packed by intermolecular interactions (dispersive, hydrogen or halogen-bond, π-,
coordinating- and ionic-interactions) in the unit cell. No sharing of atoms between the molecules
and complex anions occurs. This means that molecular crystals are ready to be easily treated by PM
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methods. The BU is easily defined when the molecule or complex anion is known. It is probably not a
surprise that one of the most complex molecular crystals solved ab initio from powder diffraction data
was solved by RMC in parallel tempering mode. It contains 63 organic (non-hydrogen) atoms in the
asymmetric unit, and active use of fragments’ connectivity knowledge was essential in the structure
solution [23].

The most important group of compounds treated with PM methods is probably pharmaceuticals,
as they are typically available in powder form, and novel molecules are systematically synthesized.
For a review about the powder crystallography of pharmaceuticals, see [24].

3. Non-Molecular Compounds: Extended Solids

Non-molecular compounds, also called extended solids, are constructed by bonds (ionic, covalent)
that extend “infinitely” in three dimensions through a crystal. These non-molecular crystals usually
crystallize with higher symmetries, and atoms often occupy special Wyckoff positions; building a
model for the PM method is therefore not a straightforward procedure [25]. The presence of high-order
symmetries leads to a fragmentation of BUs, as any group of atom (e.g., an octahedron) can be located
on a symmetry element, so that only part of the atoms of a symmetry-constrained BU are truly
independent. The actual arrangement in space of the BUs, relative to the symmetry elements of the
unit cell, are a priori unknown. To cope with this, Deem and Newsam used a merging term in the cost
function of their PM method [26], which has then evolved in a general and simple algorithm called
dynamical occupancy correction (DOC) implemented in the PM program Fox [11].

One of the most important groups of materials that motivated many developments in SDPD is
zeolites built up from SiO4 tetrahedra. For a review, see [27]. Intense development of PM methods
was started by zeolite research [26]. The texture method for integrated intensities extraction was
developed on zeolite samples [21]. A nice topology-guided dual space method has been developed
for zeolites [28], but the approach is easily modified to any other class of compound with a typical
underlying topology.

Another group of polyhedral compounds important for SDPD evolution are (among others)
oxides. As these are often real materials, PM methods have been intensively applied here. The most
complex structure ever solved from powder diffraction (SDPD applied to proteins is usually based
on detected isomorphisms) is α-Bi2Sn2O7, a 176-atom polyhedral compound, solved by an RMC
search among subgroups of the pyrochlore space group Fd-3m [29], an approach that can be called the
symmetry-guided PM method.

Metal hydrides are rarely available as single crystals due to the method of synthesis and are
another SDPD evolution engine [30]. The program Fox has been originally developed on demand
from the hydrogen storage community, but has found much broader application [31]. Hydrides are
close-packed compounds when formed by hydrogen gas absorption in intermetallic compounds,
usually not well crystallized, and therefore, PM methods are used for SDPD. Another group of
hydrides, the complex hydrides, contains a homoleptic complex anion with hydrogen as the ligand,
a well-studied example being borohydrides. They are prepared typically by mechano-synthesis
leading to fine powder excluding IE methods for SDPD. Borohydrides’ powder crystallography is
a nice example when powder diffraction needs to be assisted by other methods of characterization
like various spectroscopies and by crystal chemistry tools (structural analogies between borohydrides
and oxides) when facing relatively complex structures [32]. In general, the powder crystallography of
metal hydrides is exciting as it provides for all types of crystallographic difficulties, like multi-phase
samples, anisotropic line broadening, weak superstructures, pseudo-symmetry, local order in disorder,
a weak scatterer close to a strong one, phase transitions and reactions [16].

4. Structure Validation: Help of Theoreticians

Computational chemistry provides information about the studied crystal, which is hardly accessible
from powder diffraction. Ab initio calculations on the DFT level can be used at three stages of SDPD:
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initial model building (mostly the optimization of a molecule), structure refinement (alternatively with
Rietveld refinement) and post-experimental structure validation [33]. The last one helps to validate new
structures, locate light hydrogen atoms, especially when using high-pressure diffraction data of limited
quality, and even to correct the symmetry and some structural details [15,25,30,34]. Possibly higher
crystallographic symmetry of a structure model, which was optimized without any symmetry, can be
detected by a suitable algorithm, like the ADDSYM routine in the program Platon [35].

A DFT optimization of the Rietveld-refined structure easily gets away from the local minimum
of the experiment cost-function. Since Rietveld refinement and the DFT method are based on two
very different cost functions, their combination greatly helps to reach a global minimum. We can
therefore highly recommend post-experimental DFT optimization of crystal structures for the systems
containing light elements such as hydrogen. One must however keep in mind that if used to validate
powder structures, one is employing a far more precise method to “validate” a less precise one. Both
may be inaccurate though. Thus, optimizing a structure may not necessarily equate to making it more
accurate. Well-founded crystallographic and chemical analysis will always remain indispensable [33].

One inconvenient side-effect of the crystals with a disordered nature like complex hydrides for
example is that even experimentally-measured room-temperature structures rarely or never represent
the ground state itself. DFT calculations are commonly performed at 0 K where dynamics largely
freeze. This obviously severely biases structural predictions by ab initio calculations. For structural
corrections/optimizations, the choice needs to be made to either fix the unit cell to experimentally
obtained lattice constants (preferably on powder samples) or optimize the cell geometry along with
atomic positions. It is up to the user and his/her experience to decide which is more efficient,
depending on the specific problem to be addressed.

5. Perspectives

5.1. Electron Crystallography

Electron diffraction has developed rapidly in recent times as a complementary technique
with powder diffraction: first, in collaboration with X-ray powder diffraction providing additional
information in the phasing process [36] and, nowadays, as a stand-alone technique for ab initio crystal
structure solution [37]. The interaction of electrons with the electron density of the crystal being much
stronger than that of X-rays means that a single grain (very small single crystal) is enough to produce
an exploitable diffraction signal. Having been eliminated from the ab initio structure solution due
to dynamic scattering effects for a long time (the dark side of the strong electron-matter interaction),
this is nowadays solved by precession electron diffraction, decreasing the dynamic contribution to the
kinematic scattering [38]. However, its inherent local sampling on a nanometer scale and substantially
complex experimental setup inhibiting in situ coupling to other methods pose serious problems for
some experiments. Additionally, the sensitivity of soft matter to the electron beam will limit the method.

5.2. Nuclear Magnetic Resonance Crystallography

Three-dimensional structures of powdered solids can be determined also by combining solid-state
NMR spectroscopy, X-ray powder diffraction and DFT calculations. NMR spectroscopy has from
its earliest days provided structural information on both periodic and amorphous compounds,
ranging from specific internuclear distances to complete structural models of complex materials and
biomolecules. The technique “NMR crystallography” is now recognized by the International Union of
Crystallography (IUCr) and expected to be an integral element of modern powder crystallography.
For more details, see the recent review [39].

5.3. Serial Snapshot X-ray Crystallography

As one of the possible alternatives to powder diffraction, we may notice the serial femtosecond
X-crystallography [40]. Similar to electron crystallography, the serial snapshot X-ray crystallography
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transforms powder diffraction into single crystal diffraction. Contrary to the former, which works with
one sub-micrometric single crystal, the latter method accumulates partial single crystal data obtained
very quickly on a series of sub-micrometric crystals, thus avoiding any radiation damage. The partial
single crystal data are then merged into a complete single crystal dataset. The method is coupled with
the pulse nature of novel sources of synchrotron radiation, free electron lasers and is intensively tested
on protein crystals [41].

An interesting variant of the serial snapshot crystallography is Laue microdiffraction [42].
A revival of the Laue method for the ab initio structure solution has been observed in the last few
years, especially using neutron diffraction. The Laue method allows collecting simultaneously many
reflections in one shot and uses the whole spectrum of wavelength available in the primary beam.
The serial snapshot version of the Laue method, Laue microdiffraction, works also with a series of
sub-microscopic crystals, like serial snapshot crystallography, but thanks to the broad-bandpass mode
of some news sources of synchrotron radiation, like the free electron laser constructed at the Paul
Scherrer Institute Villigen, Switzerland, with an energy bandwidth of about 4%, the collected data
correspond to a series of Laue patterns.

5.4. Pattern Modelling Methods Assisted by Ab Initio Calculations

In spite of great effort invested to the structure prediction from first-principles, the ab initio
calculations are far from being a routine tool for predicting the correct crystal structure only from
known chemical composition [43]. The prediction of new systems may, however, be a common
ground for both crystallography and computational chemistry. Not only can experimentalists provide
theoreticians with information for calculations, but predictions on whole systems can also be confirmed
by experiment, as was recently illustrated on potassium silanides [44]. Learning from structure
predictions is one of the guides that helps the experimentalist to build a model that is then optimized
by a global optimizer in a PM method. Such an approach started with close-packed compounds [45];
the greatest progress may be registered among molecular crystals [46]. Learning from crystal structure
prediction done, not by ab initio calculations, but by exploiting known topologies and known building
units of related crystals, led to the greatest success among framework materials [47–50].

The ideal situation would be naturally the combined use of ab initio calculations with the
analysis of diffraction data. Should we speak about the prediction-guided solution or about the
solution-guided prediction? It is of no importance who guided whom, only the result, i.e., the correct
crystal structure counts. The theoretical and experimental information is easily combined in a global
optimizer that searches for the best structural model. Several global optimizers were proposed
for structural predictions at the DFT level of the ab initio calculations, i.e., without active use of
diffraction information: the evolutionary algorithm [51], simulated annealing [52] and the molecular
dynamics-based algorithm (minima hopping) [53]. The greatest problem of the ab initio calculation
part is, however, the time needed for the solid state calculations. Without new ideas for how to
accelerate the DFT calculations, the global optimization of the structural model using jointly the
theory (crystal energy) and experiment (diffraction pattern) will stay limited to structures not going
far beyond 100 atoms in the unit cell. One way for improving the situation is distributed computing,
i.e., joint use of many computing units: processors in parallel available already nowadays for PM
programs like DASH [54] and Fox [12].

5.5. Accumulated Knowledge-Guided Structure Solution

The knowledge accumulated by generations of crystallographers on compounds from a given
class of materials must be actively used within the SDPD process. There is no need to reinvent the
wheel. Known topologies, crystal chemistry rules, atomic coordination, interatomic distances and
angles, molecular fragments, polyhedral connectivity and other information are valuably concentrated
in various databases specialized for organic, inorganic compounds, frameworks and many others.
It is of high importance that the database allows for a combined search using various parameters:
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if during the SDPD process, the reliable indexing provides the unit cell volume and crystal system,
chemical analysis provides a reliable chemical composition and the coordination of one or more cations
is expected from spectroscopic methods, then the cross search in a database may provide a unique
structural prototype, which may immediately lead to the correct structure model for the studied crystal.
Such acceleration of the SDPD process cannot be omitted. The utmost care must, however, be paid that
the structure solution is the correct one, i.e., not biased and misled to a local minimum in the parameter
space of the global optimizer. The wrong conclusions are made easily, and powder diffraction is always
limited in its resolving power by the projection of the 3D diffraction pattern on the 1D powder pattern.

6. Conclusions

It is certain that in the future, potentially useful systems in different applications like
electroceramics, will involve highly complex and dynamic systems, which are subject to metastability
and changing thermodynamic equilibria, particle sizes and crystallinity. The setups at synchrotron
beamlines are evolving quickly, and it will become increasingly feasible to study systems under
working conditions. The structure solution and complete structural characterization will always be
at the forefront of characterizing these systems. Powder diffraction is and will surely remain the
most amenable method due to the broad spectrum of information obtainable and the simplicity of in
situ experiments coupled to complementary methods, such as X-ray absorption spectroscopy (XAS),
vibrational spectroscopy or thermogravimetric analysis (TGA), differential thermal analysis (DTA) and
mass spectroscopy (MS), just to name the most useful ones.
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22. Černý, R.; Favre-Nicolin, V. Direct space methods of structure determination from powder diffraction:
Principles, guidelines and perspectives. Z. Krist. 2007, 222, 105–113. [CrossRef]

23. Kwon, S.; Shin, H.S.; Gong, J.; Eom, J.H.; Jeon, A.; Yoo, S.H.; Chung, I.S.; Cho, S.J.; Lee, H.S.
Self-assembled peptide architecture with a tooth shape: Folding into shape. J. Am. Chem. Soc. 2011,
133, 17618–17621. [CrossRef] [PubMed]

24. Harris, K.M.D. Powder diffraction crystallography of molecular solids. Top. Curr. Chem. 2012, 315, 133–178.
[PubMed]
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Abstract: In this paper, we demonstrate the successful incorporation of sulfate and borate into
SrFeO3-δ, and characterise the effect on the structure and conductivity, with a view to possible
utilisation as a cathode material in Solid Oxide Fuel Cells. The incorporation of low levels of
sulfate/borate is sufficient to cause a change from a tetragonal to a cubic cell. Moreover, whereas heat
treatment of undoped SrFeO3-δ under N2 leads to a transformation to brownmillerite Sr2Fe2O5 with
oxygen vacancy ordering, the sulfate/borate-doped samples remain cubic under the same conditions.
Thus, sulfate/borate doping appears to be successful in introducing oxide ion vacancy disorder in
this system.

Keywords: solid oxide fuel cell; cathode; perovskite; sulfate; borate

1. Introduction

Research into solid oxide fuel cells (SOFCs) as alternate energy materials has grown due to their
high efficiency and consequent reduction in greenhouse gas emissions. Specifically, research into
perovskite materials has attracted significant interest for potential SOFC materials including cathode,
electrolyte and anode materials (see, for example, the review articles [1,2]). Traditionally, doping
strategies for perovskite materials has involved the introduction of cations of a similar size e.g., Sr2+ for
La3+, Mg2+ for Ga3+ to give the oxide ion conducting electrolyte La1−xSrxGa1−yMgyO3−x/2−y/2 [3].
More recently, we have applied oxyanion (silicate, phosphate, sulfate, borate) doping strategies
to improve the properties of solid oxide fuel cell materials, initially demonstrating the successful
incorporation into Ba2In2O5 [4]. Research on oxyanion incorporation into perovskites was initially
reported for superconducting cuprate materials. This work showed that a wide range of oxyanions
(carbonate, borate, nitrate, sulfate, and phosphate) could be incorporated into the perovskite
structure [5–12]. In this doping strategy, the central ion of the oxyanion group is located on the
perovskite B cation site, with the oxygens of this group occupying either three (borate, carbonate,
nitrate) or four (sulfate, phosphate) of the available six anion positions around this site, albeit suitably
displaced to achieve the correct coordination for the oxyanion group. As an extension to this work
on cuprate superconductors, we have demonstrated successful oxyanion doping of perovskite
materials for SOFC applications. This has included oxyanion (sulfate, silicate, phosphate) doping of
Ba2(In/Sc)2O5 electrolyte materials [13–16]. Doping with these oxyanions introduces disorder on the
oxygen sublattice, leading to improvements in the ionic conductivity. This work has also been extended
to potential solid oxide fuel cell electrode materials, with successful oxyanion doping in the perovskite
systems SrCoO3 [17–20], SrCo0.85Fe0.15O3 [21], SrMnO3 [18], CaMnO3 [22] and SrFeO3-δ [23], with the
results suggesting improved performance/stability.

Crystals 2017, 7, 169 71 www.mdpi.com/journal/crystals



Crystals 2017, 7, 169

Following the prior work demonstrating the successful incorporation of silicate into SrFeO3-δ [23],
we report in this paper an investigation into the effect of sulfate and borate doping. The undoped
system SrFeO3-δ has attracted interest due to its high ionic and electronic conductivity, however under
low p(O2) the oxide ion (and electronic conductivity) are significantly reduced. This is due to oxygen
loss leading to a transformation to the oxygen vacancy ordered brownmillerite structure, Sr2Fe2O5

(Figure 1). We have therefore investigated the effect of borate/sulfate doping on this transformation.

Figure 1. Structure of Sr2Fe2O5 (showing oxygen vacancy ordering) (left) and SrFeO3 (right).

2. Results and Discussion

2.1. SrFe1−xSxO3-δ

2.1.1. X-ray Diffraction Data

A range of samples of SrFe1−xSxO3-δ with increasing sulfate content (0 ≤ x ≤ 0.1) were prepared.
X-ray diffraction analysis showed that without sulfate doping SrFeO3-δ forms a tetragonal perovskite
in line with prior reports. This is illustrated in Figure 2 (expanded region 2θ = 45◦ to 60◦) where peak
splitting can clearly be observed. Upon doping with sulfate, there is a transformation to a cubic cell
(0.025 ≤ x ≤ 0.075), where no peak splitting is now observed (Figure 2). Above x = 0.075, small SrSO4

impurities appear, suggesting that the solubility limit of sulfate in SrFe1−xSxO3-δ is x ≈ 0.075.

Figure 2. Cont.
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Figure 2. X-ray diffraction patterns for (a) SrFeO3-δ, (b) SrFe0.975S0.025O3-δ, (c) SrFe0.95S0.05O3-δ,
(d) SrFe0.925S0.075O3-δ, (e) SrFe0.9S0.1O3-δ, and (f) SrFe0.85S0.15O3-δ. The data show a tetragonal cell for
SrFeO3-δ, (as highlighted by the peak splitting: see expanded region Figure 2θ = 45◦ to 60◦), while the
sulfate-doped samples are cubic. SrSO4 impurities (highlighted by an asterisk) are observed for samples
with higher sulfate contents (x = 0.1 and 0.15).

In order to provide further support for the incorporation of sulfate, equivalent Fe-deficient
samples were prepared without addition of sulfate. The X-ray diffraction data for SrFe0.95O3-δ

(Fe-deficient, no sulfate) and SrFe0.95S0.05O3-δ are compared in Figure 3. These data show the presence
of impurities for SrFe0.95O3-δ along with peak splitting, consistent with a tetragonal cell, as for the
undoped SrFeO3-δ parent phase. In contrast, impurities are not observed for the sulfate-containing
phase SrFe0.95S0.05O3-δ, and the cell is now cubic. Therefore, this comparison provides further evidence
for the successful incorporation of sulfate.

Figure 3. X-ray diffraction patterns for (a) SrFe0.95O3-δ (Fe-deficient, no sulfate) and (b) SrFe0.95S0.05O3-δ.
The data show impurities (highlighted by an asterisk) and a tetragonal cell for SrFe0.95O3-δ, while the
sulfate-containing sample SrFe0.95S0.05O3-δ is phase pure and cubic.

Cell parameters for all these phases were determined using the Rietveld method (an example fit
is shown in Figure 4). The variation of the cell parameters for SrFe1−xSxO3-δ with increasing sulfate
content is given in Table 1. The data show a small general increase with increasing sulfate content,
and this will be discussed in more detail in Section 2.1.4.
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Figure 4. Observed, calculated and difference X-ray diffraction profile for SrFe0.975S0.025O3-δ.

In addition to the determination of the unit cell parameters, site occupancies were refined for
the Fe/S site. These occupancies are given in Table 1, and show that the refined values are in good
agreement with the expected values.

Table 1. Lattice parameters and Fe/S site occupancies obtained from Rietveld refinement using
XRD data for SrFe1−xSxO3-δ. The structure of SrFeO3-δ was refined using a tetragonal space
group (P4/mmm). The structures of the sulfate-doped samples were refined using a cubic space
group (Pm3m).

SrFe1−xSxO3-δ

S (x) 0 0.025 0.05 0.075
a (Å) 3.8648(1) 3.8723(1) 3.8776(1) 3.8766(1)
c (Å) 3.8487(1) - - -

V (Å3) 57.486(4) 58.066(2) 58.303(4) 58.260(4)
Rwp (%) 1.84 1.67 2.01 1.97
Rexp (%) 0.92 0.92 0.90 0.90

Fe occupancy 1 0.98(1) 0.96(1) 0.94(1)
S occupancy - 0.02(1) 0.04(1) 0.06(1)

Fe/S Uiso 0.003(1) 0.009(1) 0.011(1) 0.008(1)

2.1.2. Stability under N2

The effect of heating the SrFe1−xSxO3-δ samples under N2 was then examined. Upon heating
under N2 to 950 ◦C, the X-ray diffraction data showed that SrFeO3-δ transforms to the oxygen vacancy
ordered brownmillerite type Sr2Fe2O5 (Figures 1 and 5). This would be expected to be unfavorable
for fuel cell applications due to the ordering of oxygen vacancies, which is expected to lower the
oxide ion conductivity. In contrast, for the sulfate-doped samples, the disordered cubic perovskite is
retained under a similar heat treatment. For the x = 0.025 sample, there are some very weak peaks
(see expanded XRD figure) associated with the brownmillerite structure, but for the higher sulfate
contents (x ≥ 0.05), a single phase cubic cell is observed. In line with the reduction in the Fe oxidation
state towards 3+, there is an increase in the cell parameters associated with the larger size of Fe3+

versus Fe4+ (Table 2).
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Figure 5. X-ray diffraction patterns of (a) SrFeO3-δ, (b) SrFe0.975S0.025O3-δ, and (c) SrFe0.95S0.05O3-δ

after heating under N2 to 950 ◦C.

Table 2. Lattice parameters for SrFe1−xSxO3-δ after heating in air and N2.

SrFe1−xSxO3-δ

S (x)
0.025 0.05 0.075

Air Dry N2 Air Dry N2 Air Dry N2
a (Å) 3.8723(1) 3.9231(1) 3.8776(1) 3.9256(1) 3.8766(1) 3.9280(1)
c (Å) - - - - - -

V (Å3) 58.066(2) 60.379(1) 58.303(4) 60.496(1) 58.260(4) 60.606(1)
Rwp (%) 1.67 3.10 2.01 3.09 1.97 3.20
Rexp (%) 0.92 2.59 0.90 2.51 0.90 2.50

2.1.3. Thermogravimetric Analysis

Thermogravimetric analysis (TGA) (heat treatment in N2 to reduce the Fe oxidation state to 3+)
was then utilized to determine the oxygen contents of the samples as prepared in air. This analysis
resulted in an interesting observation associated with Mass spectrometry analysis of the evolved gas.
For the undoped sample SrFeO3-δ, the loss of mass is only associated with oxygen as indicated by the
mass spectrometry data. However, for the sulfate-doped samples, a mass loss associated with CO2

was observed in addition to the expected mass loss due to O2.
Thus, the results indicated the presence of some carbonate in the sulfate-doped samples. In order

to remove this carbonate, heat treatment in O2 (up to 900 ◦C) was carried out for these SrFe1−xSxO3-δ

samples. After this oxygen treatment, TGA analysis indicated no presence of carbonate. This is
illustrated in Figure 6, where a mass loss associated with CO2 is not observed after heat treatment in
O2 for SrFe0.95S0.05O3-δ.
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Figure 6. Plot of mass vs. temperature and ion current (for m/z = 44; CO2) vs. temperature (under N2)
for SrFe0.95S0.05O3-δ prepared in air (black) and O2 (red), showing a mass loss associated with CO2 in
the air synthesised sample, which is eliminated after heat treatment in O2. Solid lines indicate %mass
and dashed lines indicate ion current.

The TGA results indicating the presence of carbonate may at first glance suggest the existence of
a small amount of SrCO3 impurity. However, the temperature at which the CO2 is lost is significantly
lower than would be expected for SrCO3. In order to illustrate this, TGA data for SrCO3 were also
collected and compared to the data for the SrFe0.95S0.05O3-δ. This experiment shows a significant
difference in the temperature at which the loss of CO2 occurs for SrFe0.95S0.05O3-δ and SrCO3.
In particular, the starting temperature for CO2 loss for SrFe0.95S0.05O3-δ occurs at a significantly lower
temperature (≈490 ◦C vs. ≈760 ◦C for SrCO3), which may suggest that this carbonate is present in
the perovskite structure, i.e., we have a mixed sulfate/carbonate-doped sample—SrFe1−x−ySxCyO3-δ.
Further work is required to investigate this possibility, although as noted in the introduction, carbonate
has been shown previously to be accommodated in perovskite materials.

Given the dual (O2 and CO2) mass loss for the air-synthesized SrFe1−xSxO3-δ samples, it is
not possible to determine reliable oxygen contents for these samples. In addition, as detailed by
Starkov et al., the determination of oxygen contents in partially substituted ferrites is non-trivial
without a reliable fixed reference point [24]. Since it is possible that there may still be a small amount
of Fe4+ in these samples after the N2 treatment, there is not a conclusive fixed reference oxygen point,
and so any calculated oxygen contents would only be rough approximations.

2.1.4. Heat Treatment under O2

The samples (described above) heated under O2 were also examined by X-ray diffraction (Figure 7).
All the sulfate-doped SrFe1−xSxO3-δ samples were shown to retain their original cubic structure while
undoped SrFeO3-δ remained tetragonal.
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Figure 7. X-ray diffraction patterns of (a) SrFeO3-δ, (b) SrFe0.975S0.025O3-δ, (c) SrFe0.95S0.05O3-δ,
and (d) SrFe0.925S0.075O3-δ after heating under O2.

Cell parameters and site occupancies were determined by Rietveld refinement using the X-ray
diffraction data. From these structure refinements (Table 3), there is a decrease in the unit cell
parameters upon heating in O2. This can be more clearly seen in Figure 8 where the variation in
cell volume versus sulfate content is compared for samples heated in O2 and those just heated in air.
These data show a reduction in cell volume on heating in oxygen, which can be correlated with a greater
concentration of the smaller Fe4+ as a result of an increase in oxygen content. The cell parameter data
also show an interesting variation with sulfate content, with an approximately linear increase in cell
volume up to x = 0.05. The fact that there is no further increase for x = 0.075 may therefore suggest that
the sulfate solubility limit is closer to x = 0.05.

The increase in cell volume with increasing sulfate content is at first glance unexpected given
that S6+ is significantly smaller than Fe3+/4+. One possible explanation could relate to changes in
the Fe3+/Fe4+ ratio on sulfate incorporation. However, this cell volume increase is also seen for the
N2 treated samples (Table 2), where we only have Fe3+, and thus another factor must be significant.
In this respect, the cell volume increase may be associated with the extra oxygen associated with this
dopant. Thus, if we take the case of the N2 treated samples, we are effectively replacing Fe(III)O1.5

with SO3, which means the introduction of an extra 1.5 oxide ions per sulfate, which might be expected
to contribute to an expanded cell size.

Table 3. Lattice parameters and Fe/S site occupancies for SrFe1−xSxO3-δ, obtained from Rietveld
refinement using XRD data for SrFe1−xSxO3-δ after heating in O2.

SrFe1−xSxO3-δ Heated in O2

S (x) 0 0.025 0.05 0.075
a (Å) 3.8651(1) 3.8641(1) 3.8692(1) 3.8691(1)
c (Å) 3.8477(1) - - -

V (Å3) 57.349(3) 57.694(2) 57.924(2) 57.922(3)
Rwp (%) 4.16 3.29 3.79 3.93
Rexp (%) 3.71 2.81 2.73 2.79

Fe occ 1(-) 0.97(2) 0.94(2) 0.93(2)
S occ - 0.03(2) 0.06(2) 0.07(2)
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Figure 8. Plot of unit cell volume vs. x for SrFe1−xSxO3-δ heated in air ( ) and heated in O2 (�).

2.1.5. Conductivity Data

Following the successful incorporation of sulfate, the conductivities of the SrFe1−xSxO3-δ samples
were examined in air. In general, the SrFe1−xSxO3-δ samples were found to have similar conductivities,
with the exception of a notable decrease at lower temperatures for the higher sulfate content (x = 0.075)
sample (Figure 9). This observation of a decrease in conductivity for higher dopant levels is
comparable to the silicon-doped SrFeO3-δ system where it was proposed that at higher doping levels
the silicate disrupts the Fe-O network resulting in a decrease in conductivity. [23]. Another factor,
however, could relate to low levels of insulating impurities in this high sulfate content sample, given
that the cell parameter data suggest that the sulfate solubility limit may be closer to x = 0.05.

Figure 9. Plot of log σ vs. 1000/T for SrFeO3-δ ( ), SrFe0.975S0.025O3-δ (�), SrFe0.95S0.05O3-δ (�) and
SrFe0.925S0.075O3-δ (�) in air.

2.2. SrFe1−xBxO3-δ

2.2.1. X-ray Diffraction Data

The possible incorporation of borate into SrFeO3-δ was then examined, with samples of
SrFe1−xBxO3-δ prepared for 0 ≤ x ≤ 0.15. The results showed that a higher borate content was
achievable compared to the sulfate-doped samples, with single phase borate-doped samples for x ≤ 0.1
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(Figure 10). In terms of the effect of borate incorporation on the structure, similar results were observed
as for the SrFe1−xSxO3-δ samples. In particular, borate doping resulted in a similar cubic cell as for the
sulfate-doped samples.

Figure 10. X-ray diffraction patterns for (a) SrFeO3-δ, (b) SrFe0.95B0.05O3-δ, (c) SrFe0.9B0.1O3-δ.

Cell parameters and site occupancies were determined using the Rietveld method (an example fit
is shown in Figure 11).

Figure 11. Observed, calculated and difference X-ray diffraction profile for SrFe0.95B0.05O3-δ.

The refinements gave Fe/B occupancies in good agreement with those expected (Table 4).
Furthermore, in this case, a decrease in the unit cell was observed on borate doping in agreement with
the smaller size of B3+ compared to Fe3+/4+, and the fact that unlike the situation for sulfate doping
there is no additional oxygen associated with the dopant (i.e., we are effectively replacing Fe(III)O1.5

with BO1.5).
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Table 4. Lattice parameters and Fe/B site occupancies obtained from Rietveld analysis using X-ray
diffraction data for SrFe1−xBxO3-δ. The structure of SrFeO3-δ was refined using a tetragonal space
group (P4/mmm). The structures of the doped samples were refined using a cubic space group (Pm3m).

SrFe1−xBxO3-δ

B (x) 0 0.05 0.1
a (Å) 3.8648(1) 3.8593(1) 3.8561(1)
c (Å) 3.8487(1) - -

V (Å3) 57.486(4) 57.483(2) 57.336(4)
Rwp (%) 1.84 3.23 3.67
Rexp (%) 0.92 2.30 2.52

Fe occupancy 1 0.92(1) 0.89(1)
B occupancy - 0.08(1) 0.11(1)

Fe/B Uiso 0.003(1) 0.015(1) 0.022(1)

2.2.2. Stability under N2

Heat treatment of the SrFe1−xBxO3-δ samples at 950 ◦C under N2 showed similar results to
those observed on sulfate doping, with the borate-containing samples remaining cubic after this heat
treatment in nitrogen (Figure 12). In line with the reduction of the Fe oxidation state to Fe3+, there was
a shift in the peak positions to lower angles, indicating a larger unit cell.

Figure 12. X-ray diffraction patterns for (a) SrFe0.95B0.05O3-δ, (b) SrFe0.95B0.05O3-δ after heating under
N2, (c) SrFe0.9B0.1O3-δ, (d) SrFe0.9B0.1O3-δ after heating under N2.

2.2.3. Thermogravimetric Analysis

These samples were then analysed by TGA (heat treatment under N2). In contrast to the
air synthesised SrFe1−xSxO3-δ samples, there was no mass loss due to CO2 observed in these
SrFe1−xBxO3-δ systems, thus indicating no carbonate present.

2.2.4. Conductivity Data

For the SrFe1−xBxO3-δ samples (x = 0.05, 0.1), the conductivity data showed significantly
lower conductivities at lower temperatures compared with the undoped system (Figure 13).
However, above 600 ◦C, the conductivities were comparable with the x = 0.1 sample,
in particular showing a small improvement in the conductivity compared with undoped SrFeO3-δ.
Notably, these temperatures are in the range where operation as a cathode in a solid oxide fuel cell
would be.
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Figure 13. Plot of log σ vs. 1000/T for SrFeO3-δ ( ), SrFe0.95B0.05O3-δ (�), SrFe0.9B0.1O3-δ (�) in air.

Conductivity values (at 700 ◦C) for the borate- and sulfate-doped samples are shown in Table 5,
and compared to the equivalent data for silicate-doped SrFeO3-δ (from reference [23]). The data show
similar values for all samples at this typical solid oxide fuel cell operating temperature.

Table 5. Conductivity data in air at 700 ◦C for SrFe1−xMxO3-δ where M = Si [23], S and B.

Si (x) S (x) B (x)

0 0.05 0.1 0.15 0 0.025 0.05 0.075 0.05 0.1

Conductivity 700 ◦C (S cm−1) 26 21 35 18 26 25 30 25 30 32

3. Experimental

High-purity SrCO3, Fe2O3, (NH4)2SO4, and H3BO3 were used to prepare SrFe1−xS/BxO3-δ

samples. Stoichiometric mixtures of the powders were intimately ground and initially heated to
900 ◦C (4 ◦C/min) for 12 h. Samples were then ballmilled (350 rpm for 1 h, Fritsch Pulverisette 7
planetary Mill) and reheated to 1000, 1050 and 1100 ◦C for 12 h with ballmilling of samples between
heat treatments. For the SrFe1−xBxO3-δ (x = 0.05, 0.1) samples, a higher temperature (1200 ◦C) heat
treatment was required to achieve single phase samples. In order to ensure maximum oxygen content,
all samples underwent a final heat treatment at 350 ◦C for 12 h in air.

Additionally, portions of the SrFe1−xSxO3-δ (x = 0, 0.025, 0.05, 0.075) samples were heated to
900 ◦C under oxygen for 12 h with slow cooling at 50 ◦C /h to 350 ◦C, with the samples then maintained
at this temperature for 12 h followed by cooling at 50 ◦C/h to room temperature. To test the stability
under low p(O2) conditions, both sulfate and borate-doped samples were heated under N2 to 950 ◦C
for 12 h.

Powder X-ray diffraction data were used in order to determine lattice parameters and phase
purity. For SrFe1−xSxO3-δ samples heated in air, X-ray diffraction data were collected on a Panalytical
Empyrean diffractometer equipped with a Pixcel 2D detector (Cu Kα radiation). For the remaining
SrFe1−xSxO3-δ and SrFe1−xBxO3-δ samples, a Bruker D8 diffractometer with Cu Kα1 radiation
was used.
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Samples were also analysed using thermogravimetric analysis (Netzch STA 449 F1 Jupiter Thermal
Analyser with mass spectrometry attachment). Samples were heated to 950 ◦C in N2 (10 ◦C/min) and
held for 30 min to reduce the iron oxidation state to Fe3+.

Pellets for conductivity measurements were prepared as follows: powders of SrFe1−xSxO3-δ

and SrFe1−xBxO3-δ heated in air were initially ball milled (350 rpm for 1 h), before pressing into
compacts and sintering at 1100 ◦C (SrFe1−xSxO3-δ) and 1200 ◦C (SrFe1−xBxO3-δ) for 12 h in air. Four Pt
electrodes were attached with Pt paste and the samples were heated at 900 ◦C for 1 h in air. Samples
were then furnace cooled to 350 ◦C and held at this temperature for 12 h to ensure full oxygenation.
Conductivities were measured using the four probe dc method.

4. Conclusions

The results presented in this paper demonstrate the first reports of successful incorporation
of sulfate and borate into SrFeO3-δ. This doping strategy results in a change from a tetragonal to
a cubic cell, which is maintained even after heating under N2, where undoped SrFeO3-δ transforms
to the oxygen vacancy ordered brownmillerite structure. Conductivity data in air show that the
borate/sulfate-doped samples have comparable conductivities (Table 5) to undoped SrFeO3-δ at solid
oxide fuel cell operating temperatures. Given these initial promising results, further studies are
warranted to investigate the performance of these doped systems as solid oxide fuel cell cathodes.
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Abstract: Nb-doped 0.8BaTiO3-0.2Bi(Mg0.5Ti0.5)O3 ceramics were prepared by conventional
solid-state method. The dielectric properties and the structural properties were investigated. When
Nb2O5 is doped into 0.8BT-0.2BMT system, a small amount of Ba4Ti12O27 secondary phase is
formed. The lattice parameters gradually increase with the Nb2O5 doping. It is found that the
temperature-capacitance characteristics greatly depend on Nb2O5 content. With the addition
of 3.0 mol% Nb2O5, a 0.8BT-0.2BMT ceramic sample could satisfy the EIA X9R specification.
This material is promising for high-temperature MLCC application.

Keywords: barium titanate; X9R; dielectric ceramics; MLCC

1. Introduction

Multilayer ceramic capacitors (MLCC) have been extensively used in many kinds of electronic
products in the last few decades. Some harsh conditions—such as downhole drilling, aerospace,
and automotive environment—require the capability of MLCCs to withstand temperatures over 200 ◦C
or more [1,2]. By contrast, the X7R (−55 to 125 ◦C, ΔC/C25 ◦C ≤ 15%) and the X8R (−55 to 150 ◦C,
ΔC/C25 ◦C ≤ 15%)-type MLCCs defined by the Electronic Industries Association (EIA) standards
are not competent because their ceiling temperatures are 125 ◦C and 150 ◦C, respectively [3,4].
Therefore, it is of great significance to exploit a material used for X9R (−55 to 200 ◦C, ΔC/C25 ◦C
≤ 15%)-type MLCCs, and develop a new temperature-stable dielectric material with high-temperature
resistance, high dielectric constant, and low dielectric loss.

As well known, high permittivity MLCCs are generally derived from perovskite structures, such as
barium titanate (BT) dielectric ceramics. As the Curie temperature (Tc) of BT is approximately 130 ◦C,
however, it is difficult to prepare pure BaTiO3 (BT) ceramics with weak temperature dependence [5].
Recently, Bi(Me)O3 based perovskite (Me = Sc, Al, Zn1/2Ti1/2, etc.) were of interest for the study and
development of new dielectric ceramics because of their relatively high dielectric constant, broad
diffused dielectric behavior, and high Curie temperature [6–9]. Therefore, perovskite solid solutions
based on BT-Bi(Me)O3 composition with a high permittivity are developed and explored for high
temperature capacitor applications [10]. The 0.8BT-0.2BMT ceramic with moderate dielectric constant
and dielectric loss is reported to possess lower temperature variation of capacitance in high temperature
regions [11]. The Nb2O5 doped BT systems are reported for potential application in advanced
X8R capacitors, but the Nb2O5 dopant depressed dielectric constant in exchange for temperature
stability [12]. The Nb5+ ion was found to diffuse into the crystal lattice and form the chemically
inhomogenous regions, called ‘core-shell’ structure, showing good dielectric stability [13–15]. In this
study, the 0.8BT-0.2BMT dielectric system is modified only by Nb2O5 to improve the dielectric
temperature stability.
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Crystals 2017, 7, 168

2. Experimental Procedure

Nb-doped 0.8BaTiO3-0.2Bi(Mg0.5Ti0.5)O3(0.8BT-0.2BMT) ceramics were prepared using solid-state
reaction method. BaTiO3 (99.9%), Bi2O3 (99.0%), MgO (99%), and TiO2 (99.0%) powders and Nb2O5

(99.5%) with different doped levels (0 ≤ x ≤ 3 mol%) were batched stoichiometrically and ball milled in
a polyethylene jar with yttria-stabilized zirconia balls and de-ionized water for 4 h at a rate of 280 rpm.
Then the mixtures were dried and calcined in alumina crucibles at 900 ◦C for 2 h. Subsequently,
the calcined powders were then re-milled in de-ionized water using zirconia balls for 4 h. After drying,
the resulting powders were granulated with a few drops of PVA binder and pressed into disk with
12 mm in diameter and 1 mm in thickness. Samples were sintered at 1120 ◦C for 2 h in air with a
heating rate of 3 ◦C/min and then cooling with furnace to ambient temperature.

Crystal structure of the samples was determined at room temperature by X-ray powder diffraction
(XRD) (Cu Kα radiation, PANalytical X’Pert Pro, Almelo, The Netherlands). Rietveld refinement of
the crystal structures was performed using the GSAS-EXPGUI program [16]. Microstructure and
composition analysis of the ceramic pellets were performed by scanning electron microscopy (SEM,
Inspect F, FEI Company, Eindhoven, The Netherlands), which was operated at 20 kV. After samples
were fired at 800 ◦C with silver paste on both sides, the room temperature dielectric constant and
dielectric loss were measured by use of a precision LCR meter (4284A, Aglient) at 1 kHz and 1 Vrms.
The temperature-capacitance characteristics of the samples were measured from –55 ◦C to 200 ◦C
with LCR meter (4284A, Aglient) and an automatic temperature controller at 1 kHz and 1 Vrms
with a rate of 2 ◦C/min. The insulation resistance of the specimens was recorded by a Digital Super
Megohm Meters (DSM-8104, HIOKI, Nagano, Japan) at 25 ◦C. The bulk density was measured using
the Archimedes method.

3. Results and Discussion

Figure 1 shows the XRD patterns of well-sintered Nb2O5 doped 0.8BT-0.2BMTceramic disks.
All the samples presented a desired perovskite structure and no secondary phase was discovered
for sample without Nb2O5 dopants. It indicated that homogeneous solid solution of 0.8BT-0.2BMT
was obtained. However, a small amount of secondary phase Ba4Ti12O27 is found in all Nb-doped
0.8BT-0.2BMT samples. The phase structures are analyzed by General Structure Analysis System
(GSAS) Rietveld refinements for 0.8BT-0.2BMT with various amount of Nb2O5, as shown in Figure 2.
The main phase is detected as BaTiO3 (P4mm, ICSD No. 086286). The lattice parameters and reliability
factors are listed in Table 1. All the lattice parameters are obtained with high reliability as Rwp < 10%,
Rp < 8%. The lattice parameters calculated from the Rietveld refinements increase continuously
with the increase of Nb2O5 content. This indicated the larger ionic radius substitution that occurred
according to Bragg’s law. In other words, Nb5+ mainly enters the Ti-sites as a donor because the
Nb5+ (0.64 Å) is a considerably larger radius than that of Ti4+ (0.605 Å) in six-fold coordination [17].
Meanwhile, Nb substitution on Ti site in the BaTiO3 lattice will leave the excess Ti out of the grains,
which is responsible for secondary phase formation at the grain boundary.

Table 1. Lattice parameters from Rietveld refinement for the samples.

Samples
Lattice Parameters Reliability Factors

a (Å) c (Å) V (Å3) Rwp Rp χ2

+0.0 mol% Nb2O5 4.0096 4.0131 64.5182 0.0786 0.0598 1.678
+1.0 mol% Nb2O5 4.0112 4.0140 64.5842 0.0873 0.0651 2.187
+2.0 mol% Nb2O5 4.0131 4.0165 64.6856 0.0780 0.0579 1.555
+3.0 mol% Nb2O5 4.0150 4.0179 64.7695 0.0847 0.0621 1.943
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Figure 1. (a) The XRD patterns of well-sintered Nb2O5 doped 0.8BT-0.2BMT ceramic disks; (b) the
XRD patterns in the region between 28 and 29 degree.

Figure 2. XRD profiles for the Rietveld refinement resultsfor 0.8BT-0.2BMTwith various amount of
Nb2O5: (a) 0.0 mol%; (b) 1.0 mol%; (c) 2.0 mol%; (d) 3.0 mol%.

Figure 3 shows the microstructure of various amount of Nb2O5 doped 0.8BT-0.2BMT ceramics.
It is observed that all the Nb-doped 0.8-0.2BZT ceramics are in high densification with homogeneous
grain size being on the order of several micrometers. There is a small change of the grain size as the
Nb2O5 content increases, where the average grain size is about 1.5 μm. Some stick grains, pointed by
arrows in the Nb2O5 doped samples, are considered as secondary phase (Ba4Ti12O27). This result is
highly consistent with XRD analysis.
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Figure 3. The microstructure of various amount of Nb2O5 doped 0.8BT-0.2BMT ceramics: (a) 0.0 mol%;
(b) 1.0 mol%; (c) 2.0 mol %; (d) 3.0 mol%.

Main dielectric and electrical properties at room temperature of the samples are listed in Table 2.
As we can see, dielectric constant at 25 ◦C decreased with increasing Nb2O5 content. In the Nb2O5

modified BT-BMT system, the Nb5+ will diffuse into the crystal lattice to form the chemically
inhomogeneous structure (‘core-shell’). The dielectric characteristics of the barium titanate-based
core-shell grain structure were a superposition of the ferroelectric grain core, paraelectric grain
shell [18]. With further addition of Nb2O5 dopants, the volume fractions of the shell region increased,
leading to the decrease of the dielectric constant.

Table 2. Dielectric and electrical properties of the samples at room temperature.

Sample εr tan δ ΔC/C25 ◦C < ±15% Resistivity (Ω·cm) Density (g/cm3)

+0.0 mol% Nb2O5 1683 5.0% - 1.0 × 1013 6.214
+1.0 mol% Nb2O5 1247 1.5% −26~197 ◦C 6.4 × 1011 6.219
+2.0 mol% Nb2O5 925 0.7% −40~200 ◦C 5.9 × 1012 6.148
+3.0 mol% Nb2O5 764 0.5% −55~200 ◦C 1.3 × 1013 6.159

When a small amount of Nb2O5 is doped into the BT matrix, electronic compensation regime
appears [19–21].

Nb2O5 → 2Nb•Ti + 2TiO2 + O0 + 2e′ (1)

The insulation resistivity of the sample with 0.1 mol% Nb2O5 dopants decreased for the electronic
compensation. With the increasing of Nb2O5 concentration, the electronic compensation changes into
Ti vacancy compensation.
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2Nb2O5 → 4Nb•Ti + 5TiO2 + V′′′′
Ti (2)

The mechanism is mainly involved with the compensation of Ti vacancies so that the samples
with 3.0 mol% Nb2O5 can become highly insulating as shown in Table 2 [22].

Figure 4 demonstrates the temperature dependence of dielectric constant and dielectric loss for
0.8BT-0.2BMT with various amount of Nb2O5. Double dielectric peaks are observed: one at around
0 ◦C and a second, smaller, peak at about 130 ◦C. The curves are flattened by the Nb2O5 dopants at
the cost of deteriorating dielectric constant. However, when the doped level is above 2.0 mol%, it is
difficult to detect the higher permittivity peak. Loss tangent data at room temperature are lower than
5%, and exhibit a decrease with increasing Nb2O5 content. Dielectric loss at low temperature is rather
high and decreases monotonously with the increasing temperature.

Figure 4. Temperature dependence of (a) dielectric constantand (b) dielectric loss for 0.8BT-0.2BMT
with various amount of Nb2O5.

Temperature dependence of capacitance variation rate based on C25 ◦C for 0.8BT-0.2BMT with
various amount of Nb2O5 is shown in Figure 5. It can be seen that the temperature-capacitance
characteristics have a remarkable improvement with the incorporation of Nb2O5, especially at the
cold end. At the hot end, the permittivity peak is suppressed with the increase of Nb2O5 dopants.
The 3.0 mol% Nb2O5-doped 0.8BT-0.2BMT ceramic sample is found to satisfy the EIA X9R specification
with a permittivity of 764 and dielectric loss of 0.5%. The existence of the double dielectric anomalies
over the studied temperature range, which is the characteristic phenomenon of ‘core–shell’ structure
in BT ceramics, is beneficial to improving the temperature stability of the dielectric properties [20].
The Nb5+ will diffuse into the crystal lattice to form the chemically inhomogeneous structure, where the
core is pure BT, while the Nb ion mainly concentrated in the shell region. In the ceramics with
‘core–shell’ structure, the double peaks in the temperature dependence of dielectric constant curve
can usually be obtained [14]. In the Nb2O5 modified 0.8BT-0.2BMT system, the dopant oxides tend to
accumulate at the grain boundary and diffuse simultaneously into BT grain. Nevertheless, the diffusion
of Bi ions was weakened due to the slow diffusion of Nb5+ during the sintering process. Thus Bi2O3,
MgO, and TiO2 mainly stayed in the shell region which should be responsible for the lower dielectric
peak at ~0 ◦C, while pure BT at cores is attributable to the dielectric peak at ~130 ◦C, as shown in
Figure 4.
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Figure 5. Temperature dependence of capacitance variation rate based on C25 ◦C for 0.8BT-0.2BMT with
various amount of Nb2O5.

4. Conclusions

In this work, we investigated the effect of Nb2O5 doping on the dielectric properties of
0.8BT-0.2BMT ceramics. A small amount of Ba4Ti12O27 secondary phase is observed when Nb2O5

doped into 0.8BT-0.2BMT system. The dielectric temperature stability is strongly affected by the Nb2O5

dopants. The 3.0 mol% Nb2O5-doped 0.8BT-0.2BMT ceramic sample satisfies the requirement of
EIA X9R specification with a permittivity of 764. Moreover, it possesses low dielectric loss and high
insulation resistance, which ensures the application of this material.
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Abstract: In this work, thin films (~1000 nm) of a pure MnCo2O4 spinel together with its partially
substituted derivatives (MnCo1.6Cu0.2Fe0.2O4, MnCo1.6Cu0.4O4, MnCo1.6Fe0.4O4) were prepared
by spray pyrolysis and were evaluated for electrical conductivity. Doping by Cu increases the
electrical conductivity, whereas doping by Fe decreases the conductivity. For Cu containing samples,
rapid grain growth occurs and these samples develop cracks due to a potentially too high thermal
expansion coefficient mismatch to the support. Samples doped with both Cu and Fe show high
electrical conductivity, normal grain growth and no cracks. By co-doping the Mn, Co spinel with both
Cu and Fe, its properties can be tailored to reach a desired thermal expansion coefficient/electrical
conductivity value.

Keywords: manganese cobalt spinel; high temperature protective coatings; thin films; electrical conductivity

1. Introduction

Ceramic materials are important in engineering. Many future efficient energy conversion and
storage technologies depend on the development of new electroceramic materials with desired
and tailored properties [1–5]. Materials based on MnCo2O4 are interesting for a broad range of
applications, from room temperature to high temperatures (800 ◦C). They can be used in Li-ion battery
electrodes [6,7], electrochemical supercapacitors [8] and as coating materials for steel interconnects for
fuel cells [9–11]. The microstructure and the composition of the spinel strongly affect its performance
and applicability in a specific technology. In recent years, doping of the spinel by either Fe or Cu has
been pursued in order to increase its electrical conductivity, enhance sintering and possibly alter the
thermal expansion coefficient [12,13]. Only very recently has simultaneous substitution by both Fe and
Cu been reported (on bulk samples) [13].

Manganese cobalt spinel is a preferred material for high temperature protective coatings for
steel interconnects for Solid Oxide Fuel/Electrolysis stacks [14]. Its high electrical conductivity and
the low mobility of chromium in the material are two important qualifying factors [15]. For high
temperature protective coatings, thicknesses > 10 μm are typically used, whereas in applications like
supercapacitors and Li-ion batteries, thin films or composites are typically used.

Electrical conductivity of thin films of several materials showed interesting behavior. Effects like
ionic conductivity and activation energy dependent on the grain size have been reported [16].
For example, Rupp et al. have studied an ionically (O2−) conducting CGO (cerium-gadolinium oxide)
and YSZ (yttria-stabilized zirconia) thin films deposited by spray pyrolysis [17,18]. These studies
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have revealed very interesting properties of thin films prepared by the low temperature spray
pyrolysis process.

Spray pyrolysis is a solution based deposition method, in which liquids are deposited on a heated
substrate via droplets from a pressurized atomizer. In comparison to other solution based deposition
methods, e.g., spin coating, thermal decomposition of the liquid precursor occur directly on the surface
during the deposition process [19–22]. Therefore, spray pyrolysis is a cost and time effective method,
well suited for fabrication of thin nanocrystalline films [19]. An important advantage of the solution
based methods is their easy ability to modify the chemical composition of the desired products by
adding dopants to the liquid precursor.

In this work, MnCo2O4 spinel and Cu/Fe substituted derivatives (MnCo1.6Cu0.4O4,
MnCo1.6Fe0.4O4, MnCo1.6Cu0.2Fe0.2O4) are deposited in the form of thin (~1 μm) films by spray
pyrolysis. Sapphire was used as a substrate and the in-plane electrical properties and microstructure
of the films were characterized as a function of temperature up to 800 ◦C.

2. Materials and Methods

Four kinds of polymeric precursor solutions were prepared in order to create a dense layer on a
500 μm thick c-plane sapphire substrate by the spray pyrolysis method. The concentration of cations in
each precursor was fixed at 0.2 mol/L. For precursor preparation, Mn(NO3)2·4H2O, Co(NO3)2·6H2O,
Cu(NO3)2·3H2O and Fe(NO3)3·9H2O nitrate salts were used. For MnCo2O4, MnCo1.6Cu0.4O4,
MnCo1.6Fe0.4O4 and MnCo1.6Cu0.2Fe0.2O4 nitrate salts were mixed in a stoichiometric ratio 1:2, 1:1.6:0.4,
1:1.6:0.4 and 1:1.6:0.2:0.2, respectively. Salts were dissolved in a mixture of deionized water, diethylene
glycol and tetraethylene glycol (1:1:8 vol % respectively). For spray pyrolysis, the following deposition
parameters were used: hot plate temperature −390 ◦C, precursor flow rate −1 mL/h, nozzle-surface
distance −600 mm, air pressure −2 bars. For the desired 1 μm layer thickness, 20 mL of the precursor
was used. For each composition, two samples with an approximate dimension of 1 × 1 cm2 were
prepared. One has been used for the electrical conductivity study, the second for the in-situ high
temperature c.

The deposited layers were characterized for their electrical conductivity using the van der Pauw
method. To get more information about crystallization and electrical conductivity, five heating-cooling
cycles were followed, as presented in Figure 1. In each cycle, the samples were heated with a rate of
100 ◦C/h until the maximum designed temperature was reached. Every cycle had different maximum
temperatures starting with 400 ◦C for the 1st cycle, and 500 ◦C, 600 ◦C, 700 ◦C and 800 ◦C for the
subsequent cycles. For each cycle, the temperature was held at maximum for 1 h. The data were collected
from the highest temperature of the cycle and at hold during cooling down to 200 ◦C at every 25 ◦C.

 

Figure 1. Schematic of the temperature profile (A) and sample holder for van der Pauw
measurements (B).

For microstructural analysis of the layers, scanning electron microscope (SEM) with energy
dispersive spectroscopy (EDS) and X-ray diffractometry (XRD) were used. A Hitachi TM3000 with
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Bruker Quantax 70 and a Zeiss Supra 35 FEG-SEM were used for characterization of both surfaces
and fracture cross-sections. For XRD analysis, a Bruker D8 Advance with CuKα radiation was used.
Characterization in both a standard 2θ configuration and in a grazing incidence mode were carried
out. In-situ high temperature XRD measurements were carried out using an MRI heating stage based
on a Pt-Rh heating element. XRD patterns were used for phase identification, determination of the
crystallite size and crystal structure.

The crystallite size was calculated according to the Scherrer formula and the influence of
temperature was evaluated by the procedure presented in [18]. The following equation has been used:

d =
Kλ

β cos θ
(1)

where: The symbols have the following meaning: d—crystallite size, K—shape factor, taken as 0.94,
λ—X-ray wavelength, β—broadening at FWHM, θ—Bragg angle.

As the coatings were very thin and deposited on a sapphire substrate, Rietveld refining of the
unit cell was not successful. Instead, for qualitative description, a simple approach of calculation of the
lattice parameter of the cubic crystal lattice was used. Based on the position of the observed diffraction
peaks in the XRD pattern, the lattice parameter was calculated from [18].

a =
λ
√

h2 + k2 + l2

2 sin θ
(2)

where: A—lattice parameter (Å); h, k, l—the Miller indices of the considered Bragg reflection θ,
λ—X-ray wavelength (Å).

3. Results and Discussion

3.1. Analysis of the Produced Coatings

Scanning electron microscopy images of the as-prepared MnCo1.6Fe0.4O4 coatings are shown
in Figure 2A,B at two different magnifications (500× and 10,000×). The surfaces of other coatings
looked very similar. Due to the low processing temperature of the deposition process (~380 ◦C),
no characteristic grain features are visible by the SEM. The coatings are continuous, they cover
the surface well and no cracks nor defects are detected. The chemical compositions of the coatings
have been evaluated by the EDS analysis at a low magnification (500×) to average over a large
area. The EDS spectra show a presence of Mn, Co and the respective dopants, Cu and/or Fe, as
illustrated in Figure 2C–F. Calculated compositions are summarized in Table 1. XRD patterns of
the as-produced coatings are shown in Figure 2G. Measurements have been performed in a grazing
incidence (GI) mode at an x-ray source angle of 1.5◦ to avoid a strong signal from the sapphire substrate.
Diffraction patterns reveal broad peaks due to small crystallites and especially for the pure MnCo2O4

show possible presence of some amorphous phase (broad peak around 28◦). Even at this relatively low
processing temperature of ~380 ◦C, a cubic spinel phase has crystallized. For reference, positions of
the peaks according to JCPDS-ICDD card number 23-1237 are also plotted in Figure 2G. No preferred
orientation of the as-deposited film can be detected, as the intensities of the respective peaks seem to
resemble the reference pattern.

The chemical composition of the coatings (determined from the EDS analysis), given in Table 1,
agrees with the desired stoichiometry, though a slightly higher B atom content (in an AB2O4

structure nomenclature) is observed (~2.2 instead of the expected 2). This difference from the desired
stoichiometry, noticed in all samples, might be due to a different cation content in the used nitrate salt
source. Higher Co content can be tolerated as it should help to stabilize the cubic phase, as phases
with a lower Co content (<2) can separate into a mixture of tetragonal Mn2CoO4 and cubic MnCo2O4

spinel [23]. Based on the cation content and assuming (based on the XRD) the existence of only the
pure spinel phase, the experimentally determined stoichiometry of the spinel has been calculated.
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Figure 2. SEM surface image of the MCO/Fe layer (A,B) with EDS spectra of all prepared layers (C–F)
for compositional analysis and XRD patterns (G) of prepared coatings (grazing incidence at 1.5 deg).

Table 1. Chemical composition of coatings determined by energy dispersive spectroscopy
(EDS) analysis.

MnCo2O4 MnCo1.6Cu0.4O4 MnCo1.6Fe0.4O4 MnCo1.6Cu0.2Fe0.2O4

MCO MCO/Cu MCO/Fe MCO/CuFe
O 60.0 56.7 60.2 58.5

Mn 12.3 13.4 12.7 12.6
Co 27.7 23.9 21.6 22.9
Cu 0 6.0 0 3.2
Fe 0 0 5.5 2.8

(Co + Fe + Cu)/Mn 2.25 2.23 2.14 2.30
EDS determined stoichiometry Mn0.92Co2.08 Mn0.93Co1.66Cu0.42 Mn0.96Co1.63Fe0.41 Mn0.91Co1.66Cu0.23Fe0.20

3.2. Electrical Characterization

The as-produced coatings have been characterized electrically following the temperature
profile shown in Figure 1. With each consecutive measurement, the samples have been held at
maximum temperature for 1 h and then the electrical conductivity has been measured during cooling.
Measurement/temperature profile has been selected to check the possible influence of crystallization,
crystallite/grain growth on electrical conductivity. Recorded conductivity values are presented in an
Arrhenius type plots for the four samples in Figure 3A–D.

With an initial increase in the temperature from 400 ◦C (~deposition temperature) to 500 ◦C and
to 600 ◦C, conductivity increases for all samples. The least increase was observed for the unmodified
spinel, where electrical conductivity values do not change for exposures of 400 ◦C and 500 ◦C.

Between 500 ◦C and 400 ◦C, a change in slope of the conductivity curves is observed. These effects
have been reported previously for similar spinel compositions [11,24]. One possible explanation is a
change in the prevailing conduction mechanism. Typically, at low temperatures, grain boundaries are
considered more conductive than grains and at high temperatures, grains contribute more.

It is interesting to note, that for the exposure temperatures higher than 700 ◦C, a drop in electrical
conductivity occurs. This happens to MCO, MCO/Fe and MCO/CuFe samples. So the maximum
electrical conductivity is achieved for layers processed at ~700 ◦C.

Increase and change of the electrical conductivity of the layers can be due to several factors.
The deposition of the layers has been performed at ~390 ◦C and subsequently, the samples have been
evaluated by XRD and measured electrically. As evidenced by the XRD, even at this low temperature,
a 1crystalline phase is obtained for all samples. Clearly, for the pure spinel, some amorphous phase
is still present. This might be possible also for the other samples, though this is not seen in the
XRD spectra.
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Figure 3. (A–D) Electrical conductivity as a function of temperature plots for all samples after different
heat treatments.

One possibility that may account for the increase of conductivity is an increase in the degree
of crystallization of the layer. The amount of the well conducting crystalline phase increases with
temperature (assuming that the amorphous phase would have a lower/negligible conductivity).
However, as the slope of the electrical conductivity (activation energy) curves do not change
much for the samples processed at both high and low temperatures, it might be assumed that the
crystalline phase (grains plus grain boundaries) has been already continuous at low temperatures.
Therefore, an observed 3–4 fold increase in the electrical conductivity cannot be simply explained
by a change in the ratio of the crystalline to the amorphous phase. Therefore, the main mechanism
responsible for the changes of the total measured electronic conductivities might be the change of the
size and thus the number of crystallites, grains and grain boundaries. The total electronic conductivity
is determined by both the grain and grain boundaries contribution (σG and σGB), with typically
different thermal activation. For the low exposure temperatures, with small grains, the ratio of the
number (or volume part) of grain boundaries to grains would be high and with increasing temperature
it decreases. This seems to be the dominating mechanism and will be studied further in future works.

For the MCO/Cu layer, some irregularities in the curves are observed, especially during the
measurement with the maximum temperature of 700 ◦C. As will be described in more detail later,
this layer had cracked and thus these results should be taken with caution.

As already mentioned, a complex behavior of the evolution of the conductivity vs. the temperature
is observed for higher temperatures. Maximum conductivity values at 400 ◦C, 500 ◦C and 600 ◦C
plotted as a function of the maximum exposure temperature are presented in Figure 4.

Figure 4 shows that layers containing Cu have roughly 4 times higher conductivity than the
samples without. Also, an interesting maximum electrical conductivity for samples treated at 700 ◦C
can be observed. It is only in the case of the MCO/Cu sample that a different trend is observed,
possibly due to cracking. The highest overall electrical conductivity is found for the MCO/Cu sample.
However, in this case, the conductivity values become irregular for temperatures higher than 600 ◦C,
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most likely due to the evolution of cracks in the film. The layer containing both the Cu and Fe also
shows high electrical conductivity, whereas addition of Fe alone decreases the electrical conductivity.

From the observed temperature dependences of the electrical conductivity (Figure 3),
activation energies were deduced from the expression [25]:

σT = σ0 exp
(
− EA

kBT

)
(3)

where: σ—electrical conductivity (S cm−1), T—temperature (k), E—activation energy (eV),
kB—Boltzmann constant (eV k−1).

 

Figure 4. Electrical conductivity of layers as a function of maximum exposure temperature: (A) 400 ◦C,
(B) 500 ◦C and (C) 600 ◦C.

Due to the inflection point on the conductivity curves, activation energies were calculated for a
high (~800 ◦C–400 ◦C) and low (~400 ◦C–200 ◦C) temperature range (HT and LT). Calculated activation
energies are presented in Table 2. For layers with the maximum processing temperature of 400 ◦C,
the activation energy remains the same (~0.45 eV) for all materials. After the first heating to 500 ◦C,
which is 100 ◦C above the deposition temperature, the activation energy of the low temperature regime
lowers to ~0.40 eV for all samples. A visible variation is observed for the high temperature regime.
The highest activation energy is reported for the MCO layer (~0.59 eV for the max temperature of
700 ◦C), with slightly lower values for the MCO/Fe layer (~0.52 eV for the max temperature of 700 ◦C).
Both samples containing Cu have visibly lower activation energy, with the MCO/Cu having the lowest
(~0.44 eV for a maximum temperature of 700 ◦C) and the MCO/CuFe being intermediate (~0.48 eV for
the max temperature of 700 ◦C). The same value of the low temperature activation energy indicates a
similar conduction mechanism. For high temperatures (400 ◦C–800 ◦C), substitution of Co with Cu
clearly lowers the activation energy.

Table 2. Activation energy and electrical conductivity at 800◦C for the coatings.

σ

800 ◦C
EA

(max 800 ◦C)
EA

(max 700 ◦C)
EA

(max 600 ◦C)
EA

(max 500 ◦C)
EA

(max 400 ◦C)

Name/S cm−1/eV HT LT HT LT HT LT HT LT

MCO 73.0 0.58 0.40 0.59 0.40 0.57 0.41 0.54 0.42 0.45
MCO/Cu 85.2 0.43 0.46 0.44 0.41 0.40 0.38 0.44 0.40 0.44
MCO/Fe 37.9 0.52 0.41 0.52 0.40 0.54 0.41 0.54 0.43 0.44

MCO/CuFe 86.6 0.48 0.38 0.48 0.38 0.47 0.40 0.48 0.41 0.44

Electrical properties of the substituted (Mn,Co)3O4 spinels have been studied by other groups
on bulk samples. Brylewski et al. [24] studied CuxMn1.25−0.5xCo1.75−0.5xO4 in the composition range
x = 0 to 0.5. A change in the activation energy was also reported in this work. For the undoped
spinel, activation energies of 0.68 eV and 0.41 eV were reported for the high and low temperature
regions, respectively. The addition of Cu up to x = 0.3 lowered the activation energy in both the high
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temperature (0.58 eV) and low temperature regions (0.28 eV). The conductivity of the spinel at 800 ◦C
equaled 162 S cm−1.

Masi et al. have studied single and double substituted spinels (reported for the first time
to the best knowledge of the authors) with compositions similar to the ones investigated in this
work [13,26]. The high temperature activation energies were lowered by addition of the Cu. For
MnCo1.6Fe0.4O4, MnCo1.8Cu0.2O4, MnCo1.6Cu0.2Fe0.2O4 the activation energies of 0.53 eV, 0.46 eV
and 0.50 eV were reported, respectively. The electrical conductivity of MnCo1.6Cu0.2Fe0.2O4 has been
reported to be ~82 S cm−1, while for the undoped spinel ~75 S cm−1 and clearly the values are similar
to the values reported here. Similarly, the addition of Fe leads to a decreased electrical conductivity.
In summary, measurements reported here for thin films agree well with literature studies carried out
on bulk samples.

3.3. Microstructural Characterization

To characterize the microstructure of the layers, X-ray diffractometry and scanning electron
microscopy methods were applied.

All four layers were investigated by in-situ high temperature XRD. As produced layers were
evaluated first during heating to 400 ◦C, 600 ◦C and 800 ◦C in order to determine their crystallite size
and growth using Equation (1). Additionally, after heating to 800 ◦C and holding for 1 h, XRD patterns
were recorded every 100 ◦C during cooling to check the change in lattice parameters according to the
Equation (2). Exemplary results obtained for the MnCo1.6Cu0.4O4 sample are shown in Figure 5 and
summarized in Figure 6.

 

Figure 5. High temperature XRD of the MCO/Cu layer: spectra at 200 ◦C of layers after different max
exposure temperature (A) and cooling cycle from 800 ◦C to 200 ◦C (B).

Figure 6. Crystallite size of the spinel (A) and lattice change due to temperature (B).
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With an increase in maximum processing temperature, peaks become narrower and more
intensive, as seen in Figures 5A and 6A; this is related to growing crystallite size, as presented in Figures
5A and 6A. For all samples, for the initial lowest processing temperature of 400 ◦C, peaks (220 and 311)
are slightly shifted towards a higher 2θ range in comparison to layers processed at higher temperatures.
This means that after the deposition at 390 ◦C, for very small crystallites (<10 nm), the lattice parameter
is slightly smaller than after high temperature exposure. For layers processed at 600 ◦C and 800 ◦C,
the lattice parameter stays the same, and only the crystallite size changes.

Crystallite growth evaluated by XRD peak broadening is similar for all layers. Crystallites grow
from the initial ~6 nm to ~25 nm after processing at 800 ◦C. The Initial crystallite size is similar to the
one observed previously by SEM in a similar system where MnCo2O4 precursors were impregnated
into an MnCo2O4 matrix [11].

The variation in the lattice parameter (analyzing the structure as cubic) with temperature,
measured during cooling from 800 ◦C is presented in Figure 6B. A clear effect of the introduced
dopants on the lattice constant is observed. The addition of Cu lowers the lattice constant, whereas the
addition of Fe increases the lattice constant. Simultaneous addition of the two dopants seems to cancel
out the change in the lattice parameter. Observed changes are consistent with the ones reported in the
literature [13,24,27].

XRD patterns measured at room temperature are presented in Figure 7. The different position
of the 220 and 311 peaks represent a different cell size, as summarized in Figure 6B. Due to a low
thickness of the film (~1 μm), the strongest peak comes from the sapphire substrate. After the heating
to 800 ◦C, still only a single spinel phase is detected in the film.

 

Figure 7. XRD at RT after exposure to 800 ◦C.

In an MnCo2O4 spinel, the tetrahedral sites are occupied preferentially by Co2+ cations,
with octahedral sites occupied by mixed valence Co2+, Co3+, Mn3+, Mn4+. As summarized by
Masi et al. [13], the addition of Fe in place of Co results in substitution in the octahedral position of
Co2+ by Fe3+, thus reducing the electrical conductivity. On the other hand, added Cu tends to occupy
preferentially tetrahedral sites with the presence of Cu+/Cu2+ which additionally promotes oxidation
of Mn3+ to Mn4+ to maintain charge neutrality. This, in turn, increases the number of different valence
species, possibly leading to higher electrical conductivity and thermal expansion. In general, the
spinel structure is quite complex, as cations (Mn, Co, Fe, Cu) can have different oxidation states and
additionally some spinel inversion is possible, where “B” atoms can occupy “A” sites and lead to
mixed composition of the cation sublattices. Therefore, no single defect model is proposed here.

High magnification surface SEM images are presented in Figure 8. The samples are shown
after the high temperature XRD evaluation with a maximum temperature of 800 ◦C for two hours.
Well sintered and dense films are observed for all samples. There are evident differences in grain sizes.
The smallest grains are found for the undoped spinel (49 ± 12 nm), followed by MCO/Fe (67 ± 14 nm)
and with the largest grains for the Cu containing layers: MCO/CuFe with 126 ± 12 nm and MCO/Cu

98



Crystals 2017, 7, 185

with 178 ± 10 nm grains. Both dopants increase the average grain size, with Cu having a stronger
effect. Enhanced sintering of the Cu containing spinels has been one of the reasons (in addition to
enhanced electrical conductivity) for the focus on them [28,29]. Grain sizes determined by SEM are
different from the grain sizes determined by the XRD. One possible explanation might be that due to a
large strain from the deposition method and from the substrate TEC mismatch, the Scherrer formula
becomes inaccurate due to peak modification in the XRD spectra by strain in the simple procedure used.
Very good surface coverage of the sapphire substrates has been achieved by the spray pyrolysis method
with dense coatings prepared at a maximum temperature of only 800 ◦C. Temperatures required to
achieve dense layers prepared by spray pyrolysis are typically 200 ◦C–400 ◦C lower than temperatures
in standard powder processing methods.

 

Figure 8. (A–D) SEM surface view of all layers after the electrical conductivity test.

A tilted (37◦) high-magnification image of a fracture cross section of the MnCo1.6Cu0.4O4 layer is
shown in Figure 9A alongside lower magnification pictures of the fractured films. Thickness varies
between ~0.7 μm for the MnCo2O4 to 1.2 μm for the MnCo1.6Cu0.2Fe0.2O4. The thickness of each
coating is uniform over the whole cross section.

 

Figure 9. (A–E) Fracture cross section SEM image of the MCO/Cu layer after the electrical conductivity
test. Picture (A) taken at an angle of 37◦.
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The thickness of the MnCo1.6Cu0.4O4 layer is built of approximately 10 grains. No large pores
are observed in the cross section. Based on the surface and cross-section images, it seems that spray
pyrolysis is a reliable and effective method for deposition of 1 μm thick layers of different compositions.
In the previous deposition studies, it was not possible to obtain layers thicker than 0.3–0.5 μm in a
single step process [30,31]. Increasing the molarity of the precursor solution allowed for obtaining
thicker layers for the same deposition time, extending possible applications for the spray pyrolysis
deposition method.

SEM pictures of the surface of the MCO/Cu layer are presented in Figure 10. Cracks are clearly
visible over most of the sample surface. Both of the two MCO/Cu samples evaluated were cracked.
In some places the layer spalled off; no cracks were observed for the other layers. These cracks were
not detected in the as-produced sample; they must have formed during heat treatment of the layers.
As previously described, irregularities in electrical conductivity measurements for the MCO/Cu layers
were found. It is likely that the cracking of the layer is responsible for the step-changes in the measured
electrical conductivity seen in Figures 3 and 4.

 

Figure 10. SEM surface images showing cracks on the MCO/Cu layer after the electrical
conductivity test.

Substitution of Co by Cu leads to an increase in the thermal expansion coefficient. According to
Masi et al. [13] and Brylewski et al. [24], the thermal expansion coefficient (TEC between 30 ◦C–800 ◦C)
of a partially Cu substituted spinel can reach ~15 ppm K−1. For partial Fe substitution a lowering
of TEC is observed (to ~12.5 ppm K−1) and for the undoped spinel values between 12.5 and 14 are
typically reported [13]. Sapphire substrate has a much lower TEC (~7.5 ppm K−1), so the stresses
caused by the TEC mismatch are quite high. However, MCO/Cu and MCO/CuFe should have quite
similar TEC. Other factors possibly influence the risk of cracking. The risk of crack formation further
increases with film thickness, which varies somewhat between the samples. Cracking might also be
influenced by grain growth and mass transport. Enhanced sintering of the Cu doped sample will cause
lateral stress on the constrained layer and increase the risk of cracking. Simultaneous addition of Cu
and Fe does not lead to such rapid grain growth and therefore doubly doped composition offers an
important stability advantage.

4. Summary and Conclusions

High quality ~1 μm thick layers of MnCo2O4, MnCo1.6Cu0.4O, MnCo1.6Fe0.4O4 and
MnCo1.6Cu0.2Fe0.2O4 have been prepared by spray pyrolysis at 390 ◦C. Electrical conductivity and
microstructural changes of layers have been evaluated up to 800 ◦C. Spray pyrolysis is proven to
produce dense spinel layers at temperatures of only 800 ◦C, which is lower than for standard ceramic
processing methods. Maximum electronic conductivity is found for layers experiencing a maximum
processing temperature of 700 ◦C, whereas no changes in the activation energy were noticed for
different maximum processing temperatures. Electrical conductivity values obtained for the films
agree well with the values reported for bulk samples. The addition of Cu increases the electrical
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conductivity and decreases the activation energy at high temperatures whereas the addition of Fe
decreases the electrical conductivity. The addition of Cu increases the lattice parameter whereas the
addition of Fe lowers the lattice parameter and for a Fe, Cu co-substituted spinel, lattice changes cancel
out and resemble the undoped structure. Additionally, Cu visibly enhances grain growth and leads
to cracked films. Simultaneous addition of Cu and Fe seems advantageous and offer the benefits of
higher electrical conductivity and limited grain growth.
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Abstract: CaCu3Ru4−xMnxO12 bulks with various substitution amounts x and sintering additive CuO
(20 vol.%) were prepared, and the influence of x on the electrical conductivity in a wide temperature
range (8–900 K) was investigated. Microstructural observations showed an enhancement of bulk
densification upon Mn substitution. Although the resistivity increased with increasing x, the resistivity
was as low as a few mΩcm even in the sample with x = 2.00, where half of Ru is substituted by Mn.
This high conductivity despite the loss of Ru 4d conduction following the substitution is explained
by the A-site (Cu2+) conduction in CaCu3Ru4−xMnxO12. The thermopower of CaCu3Ru4−xMnxO12

was found to be influenced by the substitution, and a sign inversion was observed in the substituted
samples at low temperature. The partial substitution of Ru by Mn in CaCu3Ru4O12 enables the
reduction of the materials cost while maintaining good electrical conductivity for applications as a
conducting device component.

Keywords: conducting oxide; composite; perovskite; substitution

1. Introduction

Perovskites of the general formula AC3B4O12 represent a large family of materials and can
be considered as a fourfold superstructure of the ABO3 perovskite in which a cation (A-site) and
Jahn-Teller ions (C-site; Cu2+, Mn3+) are long-range ordered in a double-cubic unit cell. A wide
variety of cations can occupy the A-, B- and C-sites, and various partial substitutions are possible
on each of these sites [1–6]. Many interesting properties have been found in these compounds,
leading to potential applications in various fields. For instance, CaCu3Ti4O12 and CaMn3−xCuxMn4O12

show an anomalously high dielectric constant and a giant magneto-resistance, respectively [4,5,7–9];
LaCu3Fe4O12 is a negative thermal expansion material [10]; and CaCu3Ru4O12 exhibits high metallic
electrical conductivity [11,12]. Figure 1 shows the crystal structure of CaCu3Ru4O12. Ca2+ and Cu2+

share the A-site of the perovskite. The Ru-ions (Ru4+) occupy the B-site at the point (1/4, 1/4, 1/4) of
the lattice. The O-ions (O2−) are shifted from their regular position at (1/4, 1/4, 0) in simple perovskites
as the RuO6 octahedra are tilted [13].

Recently, many high-temperature operating electrical devices such as gas sensors and solid oxide
fuel cells have been actively developed. Their conductive materials are required to be stable at high
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temperatures and in various atmospheres [14–20]. Platinum is conventionally used as the conductive
materials in such devices, but its high cost has been a serious barrier to their widespread use. Owing to
their stability at high temperatures, oxides appear as a potential alternative to platinum, provided they
exhibit low resistivity. Among the conducting metal oxides, noble-metal oxides such as RuO2 [21],
IrO2 [21,22], and ReO2 [23] exhibit the lowest resistivity. Next comes CaCu3Ru4O12, with a resistivity
value at room temperature below 0.5 mΩcm, which is one order of magnitude lower than that of
La-Sr-Co-Fe-O perovskites (over 10 mΩcm) at room temperature [24]. Therefore, CaCu3Ru4O12 is a
suitable candidate to replace platinum in devices. However, there are two main challenges with the
use of CaCu3Ru4O12 in devices. One is its resistance to sintering, but we have found that a possible
solution to this issue is to use CuO as a sintering additive [25]. The other is the high cost of Ru.
Fortunately, various alternative elements are expected to substitute Ru on the B-site to reduce the
material cost of CaCu3Ru4O12 while keeping its resistivity low. In addition, the electrical conducting
mechanism in CaCu3Ru4O12 has been investigated by Kobayashi et al [11], who have shown that
not only the Ru-O network, but also Cu2+ through Kondo coupling [9] between Ru 4d and Cu 3d
electrons contributes to the good electrical conduction of the material. This result encourages our
scheme to reduce the amount of Ru in CaCu3Ru4O12 by substitution while maintaining a high electrical
conductivity. In order to use conducting oxides as substitute materials for platinum, their resistivity
should be a few mΩcm over 500 ◦C and show a temperature dependence similar to that of metal.

Figure 1. Crystal structure of CaCu3Ru4O12. (The figure was drawn using VESTA [26].)

In this study, we focused on Mn as a substitute element for Ru in CaCu3Ru4O12 with a
fixed amount of sintering additive of 20 vol.% CuO. While the crystal structure and magnetism
of CaCu3Ru4−xMnxO12 have been discussed in a previous report [6], no detailed information on
the conducting properties of the material is available. Here, the transport properties of 20 vol.%
CuO-mixed CaCu3Ru4−xMnxO12 with various Mn substitution amounts (in the range 0.00–2.00) were
investigated over a wide temperature range (8–900 K).

2. Experimental Procedure

CaCu3Ru4−xMnxO12 powders with various Mn substitution amounts (x = 0.00, 0.25, 0.50, 0.75,
1.00, 1.25, 1.50, 1.75 and 2.00) were prepared by a solid-state reaction method. Stoichiometric mixtures
of CaCO3, CuO, RuO2, and Mn3O4 were pressed into pellets and calcined in air at 1000 ◦C for 48 h.
During calcination, the pellets were surrounded by a mixture of CaCO3, CuO, and RuO2 powders to
prevent the sublimation of Ru and a consequent composition deviation. In our preliminary experiment,
Ru sublimation and formation of second phases such as CaRuO3 were confirmed after calcination
at 1000 ◦C without the surroundings. In addition, although the exact solubility limit of Mn at the
Ru-site obtained with a synthesis at atmospheric pressure is unknown, it was not possible to synthesize
CaCu3RuMn3O12 (x = 3) with this synthesis method.

CaCu3Ru4−xMnxO12 powders were obtained via the mechanical grinding of the calcined pellets.
The CaCu3Ru4−xMnxO12 powders were then mixed with CuO powder acting as a sintering additive,
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pressed into a pellet, and sintered at 1000 ◦C for 48 h in air. The obtained samples are hereafter referred
to as CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks. A CuO volume fraction of 20 vol.% was calculated
using the molecular weights and lattice constants for each Mn substitution amount. Twenty vol.% of
the samples with x = 0.00, 0.25, 0.50, 0.75, 1.00, 1.25, 1.50, 1.75, and 2.00 correspond to 19.6, 19.7, 19.8,
19.9, 20.0, 20.1, 20.1, 20.2, and 20.4 wt%, respectively.

X-ray diffraction (XRD) of the bulk samples was carried out using a standard diffractometer
with CuKα radiation, in the 2θ-θ scan mode (Rigaku SmartLab, Tokyo, Japan). The morphology
of the bulk samples was observed using a field emission scanning electron microscope (FE-SEM;
JEOL JSM-6335FM, Tokyo, Japan). The resistivity and thermopower were measured from 7 K to
350 K using a conventional four-probe method and a steady-state technique in vacuum using a
cryostat, and from 350 K to 900 K by a four-point probe method in air using an electrical conductivity
and Seebeck coefficient measurement system (Ozawa Science RZ2001S, Nagoya, Japan). Since we
used different methods and devices for the resistivity measurements below and above 350 K,
the value of the resistivity at 350 K obtained with each method differed slightly for each sample.
The error is considered to be due to the measurement error of the distance between the voltage
terminals in the low-temperature measurements, and the difference between the high-temperature
and low-temperature measurement values was less than 10%. Consequently, we normalized the
low-temperature data so that the value found at 350 K by the low-temperature method matches that
found at 350 K by the high-temperature method. An excellent agreement between the derivative of the
two datasets at 350 K was found in all samples.

3. Results and Discussion

Figure 2a shows the XRD patterns of CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks for x varying
between 0.00 and 2.00. All the patterns are similar, displaying peaks that can be assigned to
CaCu3Ru4O12 phase and CuO, respectively. The peaks corresponding to diffraction by the (440)
planes of CaCu3Ru4O12 phase are enlarged in Figure 2b. The peaks are systematically shifted to higher
diffraction angles with increasing x, indicating that the lattice constant of the sample decreased as
x increased. The lattice constant, which was calculated from the 2θ angles corresponding to (n00)
planes, is plotted as a function of x in Figure 3. The lattice constant systematically decreases from
7.428 Å for CaCu3Ru4O12 to 7.393 Å for CaCu3Ru2Mn2O12 with increasing x. As a charge transfer from
(Ru4+ + Mn4+) to (Ru5+ + Mn3+) has been reported to take place in SrMn1−yRuyO3 [27], we should
consider this possibility in CaCu3Ru4−xMnxO12 as well. In both cases, given the respective ion size
(Ru4+: 0.62 Å, Ru5+: 0.565 Å, Mn3+: 0.645 Å, and Mn4+: 0.53 Å), the shift observed in the XRD spectra
can be explained by the smaller average size of the ions on the B-site of the substituted material
(either Mn4+ and Ru4+, or Mn3+ and Ru5+) with respect to that of Ru4+, even if the size reduction effect
would be larger without the charge transfer. By contrast, the influence of such a charge transfer on the
electrical transport and resistivity would be dramatically large. In light of our resistivity measurements
discussed below, which show no such dramatic change upon substitution, we can infer that the valence
of Ru did not change.

Figure 4 shows the XRD patterns of as-synthesized CaCu3Ru4O12 and CaCu3Ru2Mn2O12

powders. The patterns of both are almost the same, and there are no peaks corresponding to
the raw materials or some second phases. We accurately weighed the raw materials according
to the stoichiometry of CaCu3Ru2Mn2O12. Therefore, if we assume that Mn could substitute Cu,
yielding CaCu3−yMnyRu4−xMnxO12, then the composition ratio of the raw materials would not
match that of the formed compound, and some peaks corresponding to the raw materials and/or
second phases would be observed in the XRD patterns. From this result, we consider that a very
small quantity of Mn may have substituted Cu. In Figure 2b, the peaks corresponding to the
(440) plane of CaCu3Ru2.25Mn1.75O12 and CaCu3Ru2Mn2O12 are broader than those of the other
samples. This broadening may due to a phase separation between the phases with and without Cu-Mn
substitution in the samples with high Mn substitution.
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Figure 2. XRD (CuKα) patterns of the CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks. (a) Patterns
between 20◦ and 80◦. The peak labels without ‘CuO’ correspond to the CaCu3Ru4O12 phase.
(b) Enlarged patterns (71◦–73◦) for the peaks corresponding to diffraction by the (440) planes of
the CaCu3Ru4O12 phase.
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Figure 3. Lattice constant of CaCu3Ru4−xMnxO12 in the CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks
plotted as a function of Mn substitution amount x.
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Figure 4. XRD (CuKα) patterns of the as-synthesized CaCu3Ru4O12 and CaCu3Ru2Mn2O12 powders.
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Figure 5a through c show FE-SEM images of the surface of the samples with x = 0.00, 0.75, and 1.50,
respectively. In all samples, the grains fused together, and there are a lot of voids. The diameter
of the grain was about 3 and 5 μm without and with Mn substitution, respectively. The grain
size in the samples with Mn substitution was observed to be almost the same for all values of
x �= 0.00. As it depends on the grain size, the thickness of the necks between the grains was larger
in the substituted samples than in the unsubstituted sample. Figure 5d shows the relative density
of CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks as a function of x. The relative density displayed a
dramatic increase between x = 0.00 (unsubstituted sample) and x = 0.25, and then slightly increased
with increasing x. The results shown in Figure 5 suggest that Mn substitution increased the defect
density, which promoted volume diffusion, and, in turn, grain growth and densification of the
CaCu3Ru4−xMnxO12 phase.
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Figure 5. FE-SEM images of the surface of the CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks with x = 0.00
(a), 0.75 (b), and 1.50 (c). (d) Relative density of the samples as a function of x.

The temperature dependence of the resistivity (ρ-T curve) of the CuO(20 vol.%)-
CaCu3Ru4−xMnxO12 bulks is shown in Figure 6. The resistivity systematically increased with
increasing x except for the sample with x = 0.00, which is attributed to its lower relative density
with respect to the other (Mn-substituted) samples. A CaCu3Ru4O12 bulk sample prepared with a
similar relative density to that of the Mn-substituted samples would be expected to have a lower
resistivity than that of the sample with x = 0.25. It is noteworthy that the resistivity value was always as
low as a few mΩcm, even in the sample with x = 2.00, which contains as many Mn as Ru ions. In the case
of other perovskite materials with Ru-Mn substitution such as CaRu1−xMnxO3 and SrRu1−xMnxO3,
the substitution of half of the Ru-sites with Mn causes a drastic increase in the resistivity or band
gap [28,29]. In particular, the resistivity increases at 300 K from 2 mΩcm for SrRuO3 to 20 mΩcm
for SrRu0.5Mn0.5O3. In these materials, Ru 4d electrons are responsible for electrical conduction,
while Mn substitution reduces the overlaps between the electron clouds. However, as mentioned in
the introduction, in the case of CaCu3Ru4O12, electrons from the A-site (Cu2+) are also responsible for
electrical conduction [11], which explains the low resistivity of CaCu3Ru2Mn2O12.
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Figure 6. Temperature dependence of the resistivity of CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks.

While the resistivity systematically increased with increasing x, it showed the same temperature
dependence at high temperatures for all values of x. The reason for this is that phonon scattering
following Matthiessen’s rule is the dominant parameter that influences the electrical resistivity at
temperatures above 300 K. On the other hand, the temperature dependence of the resistivity at low
temperatures differed according to the value of x. The residual resistivity ρ(T = 0) increased with
increasing x below x = 1.00. Above x = 1.25, the resistivity increased with cooling, which corresponds
to a semiconducting behavior.

Let us analyze the semiconducting behavior at low temperatures of Mn-substituted samples using
two kinds of transport mechanism, the activated conduction and the hopping conduction, which are
representative conduction mechanisms for semiconducting electrical transport. Parts of the ρ-T curves
corresponding to a transport mechanism dominated by activated conduction can be fitted by the
following equation:

ρ = ρ0exp(Eg/kBT), (1)

where kB, T, and Eg are the Boltzmann constant, absolute temperature, and activation energy,
respectively. In that way, the activation energy, i.e., the transport gap Eg, can be determined. Figure 7a
shows ln(ρ/mΩcm) plotted against T−1 for CaCu3Ru2Mn2O12. The fitting curve corresponding
to Equation (1) is shown as a broken line. The plot was well fitted by Equation (1) between
T−1 = 5.563 × 10−3 (i.e., T = 179.76 K) and 4.204 × 10−3 (i.e., T = 237.86 K), in good agreement with
the minimal value of the resistivity showed in Figure 6. From the fitting curve, the activation energy,
expressed as a temperature, was determined as Eg/kB = 30.28 K. This temperature is much lower
than the temperature at which semiconducting behavior begins, indicating that activated conduction
is not employed in CaCu3Ru2Mn2O12 at low temperatures; hopping conduction is the conduction
mechanism at work.

Variable range hopping (VRH) conduction is one type of hopping conduction that gives rise to a
temperature dependence of the resistivity of the form [30]:

ρ = ρ0exp(U/T1/4). (2)

Figure 7b shows ln(ρ/mΩcm) plotted against T−1/4 for CaCu3Ru2Mn2O12. The broken line
is the fitting curve obtained with Equation (2). The fitting line fits to the plot for T−1/4 between
0.3612 (i.e., T = 58.76 K) and 0.2609 (i.e., T = 215.89 K). This temperature range roughly corresponds
to the temperature region where CaCu3Ru2Mn2O12 showed semiconducting behavior according to
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the ρ-T curve shown in Figure 6. Accordingly, it can be concluded that the conducting mechanism
in CaCu3Ru2Mn2O12 at low temperatures is VRH conduction. Hopping conduction occurs due to
the discontinuity of Ru conduction caused by Mn substitution, which explains the expansion of the
temperature range of the semiconducting behavior to higher temperatures with increasing x, as shown
in Figure 6.
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Figure 7. Temperature dependence of the resistivity of CuO(20 vol.%)-CaCu3Ru2Mn2O12 (a) Plot of
ln(ρ/mΩcm) against T−1 (b) Plot of ln(ρ/mΩcm) against T−1/4. The broken lines correspond to active
conduction (a) and variable range hopping (b) as given by Equations (1) and (2), respectively.

From these results, it appears that two electrical conduction mechanisms underlie the electrical
conduction in CaCu3Ru4−xMnxO12, as schematically shown in Figure 8. As reported in previous
reports, CaCu3Ru4O12 (x = 0) exhibits two kinds of electrical current paths (Figure 8a). The first one
relies on the Ru-O network (IRu), while the second relies on Cu2+ (ICu). In the case of x �= 0 (Figure 8b),
the substitution of part of the Ru sites with Mn disrupts the conducting Ru-O network, and conduction
electrons hop on to the Mn sites along their path (IRu+Mn). Hopping slows down the electrons, therefore
IRu+Mn is smaller than IRu. However, the decrease in the total conduction current intensity is small as
ICu is not affected by the presence of Mn.

 
(a) (b)

Figure 8. Schematic of CaCu3Ru4−xMnxO12 in real space showing the different paths for electrical
conduction when (a) x = 0, and (b) x �= 0. For simplicity, Ca and O ions are omitted. (CaCu3Ru4−xMnxO12

lattices were drawn using VESTA [26].)

Figure 9 shows the temperature dependence of the thermopower S (S-T curve) of the
CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks. Similarly to the ρ-T curves, the S-T curves exhibit a systematic
variation with x. The thermopower of all samples decreased with cooling, and the thermopower
of the Mn-substituted samples was negative at low temperatures, while that of CaCu3Ru4O12

was positive. A similar effect was observed for Ca0.5Sr0.5RuO3 and Ca0.5Sr0.5Ru0.5Mn0.5O3, whose
thermopower between 10 and 280 K is respectively positive and negative between 10 and 280 K,
explained by the fact that the Ru-Mn substitution changes the majority carrier from holes to electrons [28].
The temperature range in which the thermopower of the CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks is
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negative increased with increasing x, indicating that a gradual change of majority carrier took place in the
CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks with increasing x. This Mn substitution effect is considered to
be weaker in CaCu3Ru4−xMnxO12 than in Ca0.5Sr0.5Ru1−xMnxO3 because of the A-site-based electrical
conduction, which, as already mentioned, is not affected by B-site substitution.
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Figure 9. Temperature dependence of the thermopower of CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks.

It has been reported that the temperature dependence of the thermopower in the case of VRH
conduction is of the form: S = T1/2 [31]. Figure 10 shows the thermopower S of CaCu3Ru2Mn2O12

plotted against T1/2. Although VRH conduction was observed below 215.89 K in the resistivity curve
(215.89 K corresponds to T1/2 = 14.7 K1/2, shown as a black dash line in Figure 10), the fitting line
in Figure 10 (shown as a red solid line) corresponding to |S| = aT1/2 + b indicates VRH conduction
below T1/2 = 7 K1/2 (T = 49 K, shown as a blue dot line). This discrepancy can be explained by the fact
that the fitting equation for S has been derived from a model of an amorphous semiconductor with
a single type of carrier, while both electrons and holes are electrical carriers in CaCu3Ru4−xMnxO12.
As S is strongly affected by the type of carrier, the red fitting line in Figure 10 fitted the S(T1/2) curve
only at very low temperatures, because holes lose mobility at these temperatures and electrons can be
considered as the only charge carriers.
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4. Conclusions

We prepared CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks with various substitution amounts x,
and investigated the influence of x on the electrical resistivity. Only the CuO and CaCu3Ru4−xMnxO12

phases were detected by XRD in all samples, and a peak shift due to the substitution was confirmed.
SEM observations and a calculation of the relative density showed an enhancement of the grain growth
and sintering with increasing substitution. The resistivity increased with increasing x, but all samples
maintained good conductivity with resistivity as low as a few mΩcm, even in the sample with x = 2.00.
This phenomenon is explained by the existence of A-site (Cu2+) conduction in CaCu3Ru4−xMnxO12.
The temperature dependence of the resistivity of CuO(20 vol.%)-CaCu3Ru4−xMnxO12 bulks indicated
a semiconducting behavior at low temperatures. The conduction mechanism at low temperatures was
identified as variable range hopping conduction, where hopping occurs because the Ru conduction
path is disrupted by the presence of Mn on Ru sites. The thermopower was found to be affected by the
substitution as well. In particular, a sign inversion of the thermopower was observed in the substituted
samples at low temperatures. This study therefore demonstrates that the partial substitution of
Ru by Mn in CaCu3Ru4O12 is an excellent strategy to reduce the material cost while maintaining
good conductivity.
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Abstract: The origin of ferroelectricity in doped binary crystals, Pb1−xGexTe, Cd1−xZnxTe, Zn1−xLixO,
and Hf1−xZrxO2 is discussed, while no binary ferroelectrics have been reported except for two crystals,
HCl and HBr. The ferroelectricity is induced only in doped crystals, which shows an importance
of electronic modification in chemical bonds by dopants. The phenomenological and microscopic
treatments are given for the appearance of ferroelectric activity. The discovery of ferroelectricity
in binary crystals such as ZnO and HfO2 is of high interest in fundamental science and also in
application for complementary metal–oxide semiconductor (CMOS) technology.

Keywords: ferroelectric; binary crystal; ZnO; HfO2; mixed bond

1. Introduction

Ferroelectrics are expected as a key material for next-generation nonvolatile ferroelectric memories
(FeRAM), piezoelectric actuators, high-k gate-materials for high-speed FET (field effect transistor),
and optoelectronic devices [1–6]. Particularly, ferroelectric thin films such as perovskite PZT
(PbZr1−xTixO3) and Bi-layered perovskite SBT (SrBi2Ta2O9) have been investigated extensively
for FeRAM, because of their excellent dielectric properties, i.e., high dielectric constant and large
spontaneous polarization. However, it is not so easy to fabricate good quality ferroelectric thin films
on silicon substrate and integrate into devices overcoming degradation of ferroelectric properties due
to the so-called size effect. Many ferroelectrics have crystal structures consisting of more than three
atoms. For example, BaTiO3, known as a typical ferroelectric with a perovskite structure, consists of
three atoms. New materials with a simple structure are not only preferable for understanding the
microscopic origin of ferroelectricity, but are also easy for integrating into modern ferroelectric devices.
No ferroelectrics with two atoms have been reported except for two molecular crystals, HCl and HBr
(Table 1) [7]. In 1969, Cochran developed the theory of lattice dynamics for alkali halide crystals such
NaCl and discussed the possibility of ferroelectricity, which revealed a real alkali halide crystal is not
a ferroelectric, because a short-range restoring contribution is about twice as great as a long-range
Coulomb contribution as discussed later [8–10]. However, it is important to point out that these two
contributions are the same order for alkali halide crystals. We will show in this article that this balance
of these two contributions may be modified by introducing some dopants, strain or defects in crystals.
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Table 1. Phase diagram of HCl and HBr after Hoshino et al. [7].

Phase III
Ferroelectric

Phase II Paraelectric Phase I Liquid

HCl
Orthorhombic-Bb21m Cubic-Fm3m Liquid

Below 98 K 98~159 K Above 159 K

HBr
Orthorhombic-Bb21m Phase IIc

Orthorhombic-Bbcm Phase IIb Cubic Phase IIa
Cubic-Fm3m Liquid

Below 90 K 90~114 K 114~117 K 117~186 K Above 186 K

The electronic ferroelectricity was found in wide-gap semiconductor ZnO by introducing a small
amount of Li dopants, although pure ZnO does not show any evidence of ferroelectricity [11–15].
ZnO has a simple binary AB structure with high-symmetry (wurtzite structure). Besides ZnO,
Ge-doped PbTe, a IV-VI narrow-gap semiconductor [16], and Zn-doped CdTe, a II-VI wide-gap
semiconductor [17], have been investigated as materials of binary crystals accompanying
ferroelectricity (Figure 1). Moreover, recent works showed that thin films of HfO2-ZrO2 systems
exhibit ferroelectricity [18,19]. Hafnia (HfO2) and Zirconia (ZrO2) have been well studied as high-k
dielectric materials in CMOS (complementary metal–oxide semiconductor) technology. Pure HfO2

crystal is monoclinic with space group P21/c at room temperature and atmospheric pressure. Only
HfO2 thin films doped with Si, Y, Al and Zr change the monoclinic crystal structure to a polar
orthorhombic structure. The discovery of ferroelectricity in binary crystals such as ZnO and HfO2 is of
high interest in fundamental science and also in application fields. Our concern is to study the origin
of this unexpected appearance of ferroelectricity in doped binary crystals. We will discuss why the
ferroelectricity does not appear in pure systems but in doped crystals.

(a) (b) (c) 

Figure 1. Crystal structures of (a) Pb1−xGexTe, (b) Cd1−xZnxTe and (c) Zn1−xLixO. The lower figures
are plots of cation (blue lines) and anion (red lines) layers along the polar rhombohedral [111] direction
for Pb1−xGexTe and Cd1−xZnxTe, and polar [001] direction for Zn1−xLixO [15].

2. Ferroelectricity in Binary Semiconductors

Ferroelectrics, in general, have complicated crystal structures, which undergo a phase transition
from a paraelectric high-temperature phase with decreasing temperature, breaking the symmetry of

114



Crystals 2017, 7, 232

inversion. The dielectric constant (ε) and the spontaneous polarization (Ps) are characterized in the
mean field approximation as

ε = C/(T − Tc) (1)

Ps = Po (T − Tc)1/2 (2)

where Tc is a critical temperature. Ferroelectrics are generally classified into order-disorder, displacive
and improper types, though multiferroic materials have been reported recently. According to these
types, they show the following characteristic dielectric properties as summarized in Table 2 [20].

Table 2. Typical values of the Curie-Weiss constant (C), the dielectric constant around Tc (εmax), and
the spontaneous polarization (Ps) according to the type of ferroelectrics.

Type of Ferroelectrics C [K] εmax at Tc Ps [μC/cm2] Example

Order-disorder 1~3 × 103 103 3~5 TGS §

Displacive 105 104 10~30 BaTiO3
Improper 10 10 Small ACS #

Electronic - 21 0.9 ZnO
§ TGS (NH3CH2COOH)3H2SO4), # ACS ((NH4)2Cd2(SO4)3).

Binary ferroelectric crystals show different but common dielectric behavior from those of the
usual ferroelectrics described above; a small dielectric anomaly at Tc and relatively large Ps. We will
review the ferroelectric properties of the ferroelectric binary semiconductors, PbTe, CdTe and ZnO,
and a high-k dielectric HfO2, briefly in this section. More detailed discussion should be referred in a
monograph [15].

2.1. Narrow-Gap Ferroelectric Semiconductor PbTe

The PbTe-GeTe system has been investigated extensively about its ferroelectricity among IV-VI
semiconductors [16], which has a rock-salt type structure (Fm3m, a = 6.46 Å) at room temperature.
The energy gap (Eg) is 0.3 eV, which is comparable to the Lorentz field (4π/3)P. The ferroelectricity
is observed in solid solution Pb1−xGexTe. The stacking Pb2+ cation and Te2− anion layers dimerize
along the rhombohedral [111] direction, as shown in Figure 1. The crystal changes to a rhombohedral
structure (R3m) which allows it to exhibit ferroelectric activity Pb1−xGexTe with x = 0.003 shows a
large dielectric anomaly at T = 100 K.

The large dielectric anomaly and the existence of the soft mode suggest the ferroelectric activity.

2.2. Wide-Gap Ferroelectric Semiconductor CdTe

Cd1−xZnxTe is a II-VI wide-gap semiconductor with Eg = 1.53 eV. Weil et al. discovered the
ferroelectric activity in Cd1−xZnxTe, as shown in Figure 2 [17,21]. The cubic zinc-blende structure
(space group F4 3m, a = 6.486 Å) of pure CdTe crystal changes to a rhombohedral one (R3m, a = 6.401 Å,
α = 89.94◦) in Cd1−xZnxTe, as shown in Figure 1b. The dielectric anomaly at Tc (393 K) is smaller by
two orders than that of typical ferroelectric BaTiO3 (~14,000). The spontaneous polarization is about
5 μC/cm2 along the rhombohedral [111] direction. Doped Zn ions locate at off-center positions [22]
which cause rhombohedral distortion of about 0.01 Å in Cd1−xZnxTe [22].

No soft mode has been observed in Cd1−xZnxTe, and the dielectric anomaly is small. Although the
behavior of off-center ions plays an important role in this ferroelectricity like Pb1−xGexTe, the occurrence
of phase transition seems to be driven in a different way from that of Pb1−xGexTe.
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Figure 2. Dependence of dielectric constant and inverse dielectric constant in Cd1−xZnxTe (x = 0.1)
on temperature [17]. Reprinted figure with permission from R. Weil, R. Nkum, E. Muranevich, and L.
Benguigui, Physical Review Letters, 62, 2744, 1989. Copyright (1989) by the American Physical Society.

2.3. II-VI Wide-Gap Semiconductor ZnO

Zinc Oxide (ZnO), a II-VI wide-gap semiconductor, is a well-studied electronic material with a
large piezoelectric constant [23–27]. ZnO has been studied as materials for solar cells, transparent
conductors and blue lasers [28,29]. This crystal has a wurtzite structure (P63mc) (Figure 3). This space
group is non-centrosymmetric and is allowed to exhibit ferroelectricity, although no D-E loop has been
observed until melting point. Introduction of a small amount of Li-dopants results in the ferroelectricity.

 

Figure 3. Crystal structure of ZnO. The observed polarization (p) is shown by a yellow arrow [15].

A dielectric anomaly in Zn1−xLixO (x = 0.09) was found at 470 K (Tc) (Figure 4), though pure ZnO
shows no anomaly from 20 K to 700 K. The small dielectric anomaly (εmax = 21) is the same order with
Cd1−xZnxTe (εmax = 50).

The spontaneous polarization is 0.9 μC/cm2 [30,31]. The phase diagram between Tc and x
is shown in Figure 5, which reminds us of a phase diagram of quantum ferroelectrics such as
KTa1−xNbxO3 and Sr1−xCaxTiO3. Raman scattering measurements showed no soft modes [32,33].
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Figure 4. Temperature dependence of the dielectric constant of Zn1−xLixO (x = 0.09) [15].

Figure 5. Phase diagram of the ferroelectric transition temperature (Tc) vs. Li molar ratio (x) in
Zn1−xLixO [15].

2.4. High-k Materials HfO2 and ZrO2

HfO2 and ZrO2 are well-known high-temperature dielectrics. The thin films of HfO2 and ZrO2

have been studied extensively as a high-k gate dielectric film in CMOS technology. The crystal structure
is monoclinic with space group P21/c at room temperature and atmospheric pressure, which transforms
to a tetragonal structure (P42/nmc) at ~1990 K, and then to a cubic Auorite structure (Fm3m) at ~2870
K. Other two orthorhombic phases have been reported under high pressure near 4 and 14 GPa [34].
Figure 6 shows a P-T phase diagram of HfO2.

The monoclinic P21/c structure is centrosymmetric, which does not show any ferroelectric activity.
Thin films of HfO2 undergo a phase transition to a noncentrosymmetric orthorhombic structure,
breaking the symmetry of inversion when the films are doped with Si, Y, Al, or Zr [18,19,35–38].
The X-ray diffraction patterns of HfO2, Hf0.5Zr0.5O2 and ZrO2 thin films are shown in Figure 7 [38].
Four space groups (Pmn21, Pca21, Pbca, and Pbcm) are proposed for this orthorhombic ferroelectric
phase. Among these space groups, it is considered that Pca21 is the most probable. The sequence of
phase transitions and crystal structures are shown in Figure 8. The ferroelectricity was confirmed
by D-E hysteresis measurements, which revealed Ps of 16 μC/cm2 as shown in Figure 9. The Curie
temperature (Tc) was estimated to be about 623 K [39,40].
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Figure 7. X-ray diffraction patterns of HfO2, Hf0.5Zr0.5O2 and ZrO2 thin films on silicon substrates.
The Bragg reflections are assigned as h k l with suffixes m, o and t, which indicate monoclinic,
orthorhombic and tetragonal lattices, respectively [38]. Reprinted with permission from Johannes
Müller, Tim S. Böscke, Uwe Schröder, et al., Ferroelectricity in Simple Binary ZrO2 and HfO2,
Nano Letters, 2012, 12, 4318–4323. Copyright (2012) American Chemical Society.
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Figure 8. Sequence of phase transitions and crystal structures of HfO2.

 

Figure 9. P-E hysteresis loops and dielectric constant (ε) in thin films of HfO2-ZrO2 system [38].
Reprinted with permission from Johannes Müller, Tim S. Böscke, Uwe Schröder, et al., Ferroelectricity
in Simple Binary ZrO2 and HfO2, Nano Letters, 2012, 12, 4318–4323. Copyright (2012) American
Chemical Society.

3. Phenomenological Treatment for the Appearance of Ferroelectricity

Firstly following the Landau theory, we consider the free energy (F) for the paraelectric phase of
binary crystals in terms of polarization P as

F = 1/2αP2 + 1/4βP4 + . . . , (3)

where α, and β are coefficients. In general, the only coefficient α depends on temperature as

α = αo (T − To), αo > 0 (4)

In the case for paraelectric dielectrics, the critical temperature To is considered to be lower than
0 K, because of the absence of phase transitions above 0 K. When some dopants are introduced to
crystals, some structural changes due to a difference in atomic radii and bonding electrons are modified
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by dopants. These may induce some local changes in electronic distribution in crystals. These extra
contributions could be added to the above free energy as

F = 1/2αP2 + 1/4βP4 + gηP + 1/2α’η2 . . . , (5)

where the last term 1/2α’η2 is the contribution by dopants, and gηP is an interaction term between the
host crystal and extrinsic dopants. From the stability condition ∂F/∂η = 0,

η = −(g/α’)P, (6)

The above free energy F can be rewritten as

F = 1/2(α − g2/α’)P2 + 1/4βP4 (7)

Using Equation (4), we get
(α − g2/α’) = α0 (T − Tc) (8)

where
Tc = To + g2/α0α’ (9)

As the critical temperature Tc increases when the coefficient α’ is positive, it should be possible to
undergo a ferroelectric phase transition. Tc shows a rapid increase in the order of 102 K for large g and
small α’ in the case of Pb1−xGexTe, Cd1−xZnxTe, and Zn1−xLixO. The appearance of ferroelectricity is
realized in the doped binary crystals, while any phase transition does not occur in pure crystals.

4. Microscopic Consideration after Cochran’s Lattice Dynamical Theory

Although the above phenomenological theory can explain well the appearance of ferroelectricity,
it is not so easy for us to understand what kind of phenomena occurs in real crystals. For binary crystals
such as NaCl, Cochran proposed a lattice dynamical theory to elucidate the origin of ferroelectric
phase transition based on the shell model [9,10]. We review simply Cochran’s soft mode theory for
ferroelectrics at first.

Cochran calculated the frequencies of transverse and optic phonon modes in a diatomic cubic
crystal using a shell model such as NaCl, as illustrated in Figure 10. The shell is originated from some
local lattice deformation, electronic overlap forces, or covalency in chemical bonds. The core of the
negative ion (charge Xe, mass m2) will interact through an outer shell (charge Ye, mass ~0) with a force
constant k. The positive ion (charge Ze, mass m1) interacts with the shell by a short range force through
a force constant Ro. The displacements are denoted as u1, v2 and u2 for the positive ion, shell and
negative core, respectively.

Figure 10. Schematic diagram of a shell model for a diatomic crystal.
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The frequencies of the transverse and longitudinal optic modes, ωTO and ωLO are calculated as

μωTO
2 = R′

o − 4π(ε∞ + 2)(Z′e)2

9V
(10)

μωLO
2 = R′

o +
8π(ε∞ + 2)(Z′e)2

9Vε∞
(11)

where
R′

o =
kRo

k + Ro
< Ro (12)

Z′ = Z +
YRo

k + Ro
< Z (13)

μ =
m1m2

m1 + m2
(14)

ε∞ and V are a high-frequency dielectric constant and the unit cell volume. Following the
Lyddane-Sachs-Teller (LST) relation, the dielectric constant ε is given as

ε

ε∞
=

ωLO
2

ωTO
2 (15)

The ferroelectric phase is realized if ωTO = 0 in Equation (10), because ferroelectric phase
transitions generally accompany with a divergence of dielectric constant. The ferroelectricity is induced
from the delicate balance between the short-range term Ro’ and the second dipolar Coulomb term in
the right side of Equation (10).

Cochran showed that a real alkali halide crystal is not a ferroelectric, because Ro’ is about twice as
great as the other while these two contributions are the same order for real alkali halide crystals. This is
one reason why the ferroelectricity has been found only in HCl and HBr. Dopants will change local
electronic distribution of chemical bond, i.e., the nature of covalency, particularly in mixed bonded
crystals. Dopants also force it to displace to off-centered positions and induce local structural distortions.
Particularly, the chemical bonds may be affected sensitively by dopants in ZnO, CdTe and HfO2 where
the degree of covalency (or iconicity) is nearly half, as shown in Table 3. The balance between the
restoring force Ro’ and the dipolar Coulomb force can be modified by dopants, defects or strain.

Table 3. Dielectric constant and fractional degree of iconicity after J.C. Phillips, Bonds and Bands in
Semiconductors [41].

Materials ε at R.T. Fractional Degree of Ionicity

NaCl 5.6 0.94
MgO 10.0 0.84
ZnO 8.8 0.62
CdTe 7.1 0.67
HfO2 25 0.8
ZrO2 30~46 0.8
TiO2 170 0.6

Si 3.6 0

5. Discussion

5.1. Electronic Ferroelectricity in ZnO; Effect of Dopants

The replacement of host Zn ions by substitutional Li ions plays a primary role for the appearance
of ferroelectricity in ZnO. To clarify the effect of dopants, structural size-mismatch and electronic
models are studied: the introduction of small Be2+ ions (ionic radius 0.3 Å) should be effective than
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Li+ (ionic radius 0.6 Å) and Mg2+ (ionic radius 0.65 Å) ions if the ionic size-mismatch is important for
ferroelectricity, while Mg2+ ions (1s22s22p6) should play a different role from the isoelectronic Li+ and
Be2+ ions (1 s2) if the electronic configuration is important.

The series of dielectric measurements show that the introduction of Mg2+ ions suppresses Tc [42].
The appearance of ferroelectricity is primarily due to electronic origin.

5.2. Structural Modification by Dopants

The electronic distribution, especially the nature of d-p hybridization of paraelectric pure ZnO
and ferroelectric Zn1−xLixO at 19 K, was measured directly by X-ray diffraction. The main difference
is observed in electronic distribution around Zn ion, as shown in Figure 11.

(a) 

(b) 

Figure 11. The difference Fourier maps of (a) paraelectric ZnO and (b) ferroelectric Zn1−xLixO at 19 K
in the (110) plane with a contour increment of 0.2 e/Å3. The horizontal straight lines from Zn to O ions
are the [001] direction. Bluish cold color means negative charge density and reddish warm region is
positive charge density.

The negative distribution is observed around the Zn atom in Zn1−xLixO, whose shape corresponds
to Zn-3dz

2-orbital. This evidence shows that the Zn 3d-electrons disappear around Zn position in the
doped ZnO.

Most crystals have a fraction of covalent and ionic bonding components. ZnO is bonded half by
ionic and half by covalent forces, of which delicate balance is slightly changed by Li-dopants without
d-electrons. Pure ZnO has large dipole moment [11], while this host dipole could not be reversible by
an electric field. In Zn1−xLixO, the dipole is reduced a little bit by the local electronic deformation
along the polar (0 0 1) direction; this is, in other words, an introduction of negative dipoles in the host
lattice. These negative dipoles are responsible for an electric field and behave as “hole dipoles” which
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are similar to “hole electrons” in n-type semiconductors. We should call this type of ferroelectrics as
“n-type ferroelectrics”, while usual ferroelectrics are “p-type ferroelectrics”.

In the case of Hf1−xZrxO2, the ionic radii (0.83 Å for Hf4+ and 0.84 Å for Zr4+) are almost the same.
The main difference is an electronic structure, Hf (−4f14) and Zr (−4p6). As the high dielectric constants
in these crystals (ε = 25 for HfO2, ε = 30~46 for ZrO2) mean the large splitting of ωTO and ωLO phonon
modes, a ωTO phonon mode is much lower compared with a ωLO (LST relation, Equation (10)). In this
sense, HfO2 and ZrO2 are incipient ferroelectrics as SrTiO3. The electronic distribution in the Hf-O
bond is perturbed by Zr dopants without f -electrons. This modification may stabilize an orthorhombic
polar structure and results in the appearance of ferroelectricity in Hf1−xZrxO2.

The above microscopic consideration gives us one perspective to understand the origin of
ferroelectricity in doped binary crystals. If the condition that ωTO approaches to zero at Tc holds
exactly, soft mode should be detectable. However, no soft mode has been observed in Cd1−xZnxTe,
Zn1−xLixO and Hf1−xZrxO2, except for Pb1−xGexTe. This evidence suggests that the mechanism of the
ferroelectric phase transition is not so simple in real crystals which are partially covalent and partially
ionic. The small dielectric anomaly in Cd1−xZnxTe, Zn1−xLixO and Hf1−xZrxO2 reminds us of an
improper type ferroelectrics, rather than the order-disorder-type and displacive-type of ferroelectrics.
This problem has been left for our future studies.

6. Another Possible Ferroelectric TiO2

Rutile TiO2 is studied well by various techniques [43]. The structure is tetragonal with space
group P42/mnm (a = 4.593659 (18) and c = 2.958682 (8) Å at 298 K, Z = 2) (Figure 12) [44]. Besides
rutile, TiO2 admits another two polymorphic forms in nature, i.e., anatase (I41/amd, a = 3.7845,
c = 9.5143 Å, Z = 4) and brookite (Pbca, a = 5.4558, b = 9.1819, c = 5.1429 Å, Z = 8). Rutile TiO2 is the most
common of the three polymorphic forms. Under high pressure, TiO2 undergoes a series of structural
phase transitions.

 
Figure 12. Crystal structure of Rutile TiO2. Ti (blue) and O (red).

Rutile TiO2 has large refractive indices (nc = 2.903, na = 2.616) and large static dielectric constants
(εc = 170, εa = 86) at room temperature.

Parker measured the dielectric constant ε of TiO2 which increases with decreasing temperature,
but does not show any anomaly from 1.6 to 1060 K, as shown in Figure 13 [45,46]. Pure TiO2 does
not show any ferroelectric or antiferroelectric activity. The dielectric constant shows a plateau at low
temperatures around 0 K, which reminds us of dielectric behavior in quantum paraelectrics, such
as SrTiO3.

Although there had been a long-running discussion concerning the covalency of the bonding in
rutile, Gronschorek [47] and Sakata et al. [48] concluded that Ti-O bonding in rutile is largely covalent,
as shown in Figure 14. If we can modify the nature of bonding by some dopants or stress, it may be
possible to expect the appearance of ferroelectricity.
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Figure 13. Temperature dependence of dielectric constant of rutile TiO2 along the a- and c-directions.
The solid lines are after Parker [45] and the dashed lines after von Hippel [46].

Figure 14. Electron density map of rutile TiO2 on the (0 0 2) plane. Charge of 0.4 e Å−3 is observed in
Ti-O bond.

Recently, Montanari and Harrison proposed by density functional calculations that ferroelectric
instability can be possible in rutile TiO2 by applying a negative isotropic pressure [49]. The TO A2u
mode, which is the c-axis ferroelectric mode, vanishes at −4 GPa, thereby leading to a crystal instability.

Similar calculations on binary oxides such BaO, CaO, MgO, EuO, SnO2 have been reported
recently [50,51], although these crystals are primarily ionic (the degree of ionicity is ~0.8). They showed
that ferroelectricity can be induced even in simple alkaline-earth-metal binary oxides by using
appropriate epitaxial strains in thin films or in nano-particles.

7. Conclusions

We discussed the origin of ferroelectricity in doped binary crystals, Pb1−xGexTe, Cd1−xZnxTe,
Zn1−xLixO, and Hf1−xZrxO2 on the basis of phenomenological and lattice dynamical treatments,
while no ferroelectrics have been reported in pure binary crystals except for HCl and HBr. The delicate
balance of the short-range restoring force and the long-range dipolar Coulomb force is tuned by
dopants, particularly in binary crystals which are half covalent and half ionic. The modification of
the electronic distribution in the chemical bond results in the local structural distortion, which may
stabilize a non-centrosymmetric polar structure from a paraelectric structure with high-symmetry.

The discovery of ferroelectricity in doped binary crystals shows us a richness of structural science.
Moreover, the ferroelectric HfO2 is expected to be a promising candidate for FeRAM and high-speed
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FET. Ferroelectrics are a group of materials sensitive to small structural changes. We must take into
account the electronic contribution in the case of simple binary crystals discussed here. Further precise
structural and theoretical studies should be necessary to clarify the possibility of ferroelectricity in
other doped binary crystals.
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