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Preface to ”Advances in Processing and Mechanical

Behavior in Lightweight Metals and Alloys”

This book is a compilation of recent articles presenting recent developments in synthesis,

characterisation, joining and processing of lightweight alloys of the three: Aluminium, Magnesium

and Titanium based families including the intermetallic-reinforced matrices.

The subjects are multidisciplinary including: joining processes, friction stir welding (FSW) and

Electron Beam Welding, (EBW), thermomechanical processes such us severe plastic deformation

(SPD) by Equal Channel Angular Pressing (ECAP) of oxide dispersed Mg alloy and thermal

treatments.

This book can provide a source for data, process information on emerging processes, based on

the powder metallurgy, that have been proposed and discussed with interesting results on complex

and critical joining processes.

Several processes solutions are proposed for the emerging additive manufacturing

joining-process and has been intended to provide a room for sharing new ideas, new research results

for the various aspects of light alloy processing and characterisation.

Some of the results can be a real base for an effective application in the electronic and industrial

application, but obviously there are still many challenges to overcome.

As a Guest Editor, of this Special Issue I really hope that all scientific results in this Special Issue

can contribute to the advancement of light weight metal future research and find application in real

industrial environment and market.

I would like to warmly thank the authors of the research articles in this Special Issue for their

contributions, and all of the reviewers for their efforts in ensuring high-quality publications.

Finally, thanks to the editors of Metals and to the Metals editorial assistants for their valuable

and continuous support during the preparation of this volume.

Claudio Testani

Editor

ix





metals

Editorial

Advances in Processing and Mechanical Behavior in
Lightweight Metals and Alloys

Claudio Testani

��������	
�������

Citation: Testani, C. Advances in

Processing and Mechanical Behavior

in Lightweight Metals and Alloys.

Metals 2021, 11, 1555. https://

doi.org/10.3390/met11101555

Received: 23 September 2021

Accepted: 25 September 2021

Published: 29 September 2021

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2021 by the author.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

CALEF, Management Department, c/o ENEA CR Casaccia, Via Anguillarese 301, Santa Maria di Galeria,
00123 Rome, Italy; claudio.testani@consorziocalef.it; Tel.: +39-06-3048-4653

1. Introduction and Scope

The demand for lightweight metals and related alloys is still the most suitable solution
to many high-tech applications, including sports equipment and automotive components
where alternate movements require low inertia. In this Issue, the term light alloy is
focused on materials based on aluminum, titanium, and magnesium systems, including
the intermetallic-reinforced matrices, and papers dealing with all of the three families have
been published. Nevertheless, the processing of light alloys has always been faced with
low-formability, narrow-thermal processing windows and even with corrosion issues with
respect to the steel family; this is the reason for new processes in terms of both compositions
and thermo-mechanical approaches. Emerging processes based on the powder metallurgy
have been proposed and discussed, and interesting results have been obtained on complex
and critical joining processes, which still stand and are also proposed for the emerging
additive manufacturing process.

This Special Issue covers a wide scope in the research field of lightweight metals and
alloys and has been intended to provide a space for sharing new ideas, and new research
results for the various aspects of light alloy processing and characterisation.

2. Contributions

Eight research articles have been published in this Special Issue of Metals and three
lightweight metal families, aluminium, titanium and magnesium have been impacted.
The subjects are multidisciplinary, including joining processes, friction stir welding (FSW)
and Electron Beam Welding, (EBW), thermomechanical processes such as severe plas-
tic deformation (SPD) by Equal Channel Angular Pressing (ECAP) of oxide dispersed
Mg alloy.

Moreover, the Special Issue reports interesting improvements obtained by means of
innovative thermal treatments, and last but not least, interesting data obtained from the
characterisation of ODS nanostructured powder processing. The study of nanostructured
metals is very interesting for broader and larger systems, because of the potential improve-
ments in terms of mechanical performance [1], and the current proposed development
of a model, by means of convolutional neural networks (CNNs) [2] for the prediction of
the secondary dendrite arm spacing (SDAS), which has an industrially acceptable pre-
diction accuracy for the aluminium alloys, is an important step towards a more efficient
manufacturing industry.

Two papers investigate the dissimilar joints between Ti-TiB and (α+β)Ti Alloy.
Loboda et al. [2] reported the structural features of Ti-TiB and (α+β) Ti alloys before

and after the electron beam weldment process, showing that it is possible to obtain sound
joints, even if it is critical to control the TiB fibre orientation in order to avoid the transversal
orientation of TiB-reinforcing fibres that can facilitate brittle fracturing.

Mortello et Al. [3] succeeded in obtaining by FSW hybrid AA5083 H111 aluminium
alloy and S355J2 grade DH36 structural steel joints. These results are particularly interesting
because of the industrial impact in mechanical structures and, as the authors pointed out

Metals 2021, 11, 1555. https://doi.org/10.3390/met11101555 https://www.mdpi.com/journal/metals
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which: “ . . . enables the ability to design and fabricate components whose properties are
customised to locally varying environmental conditions.” [3].

Another paper from Nikolić et al. [4] proposed and adopted an automatic inspection
model using a computer vision for secondary dendrite arm spacing (SDAS) in aluminium
alloys, which represent an example of a Deep Learning (DL) model that has industrially
acceptable prediction accuracy: this approach could be the basis for a next generation
industrial heavy-metallurgy digitalisation.

Another paper on the development and characterisation of the Strengthening Mech-
anism and Influence of Hybrid Reinforcements (β-SiCp, Bi and Sb) on the Mechanical
Properties of the AZ91 Magnesium Matrix has been proposed by Huang et al. [5]. It was
proven that, during the Mg-alloy AZ91 melt–stir casting, a hybrid nano-reinforcements
(β-SiCp) and micro-reinforcements (Bi and Sb) composites network was produced. These
reinforcements are the base for further diffusion phenomena that result in the creation of
Mg2Si (cubic) and SiC (rhombohedral axes), enhancing the microhardness by more than
18% in a 0.5 wt.% SiCp/AZ91 matrix.

The authors [6] studied the nanoprecipitation on the AA7050 aerospace high strength
aluminium alloy, after an innovative thermal treatment, and it was proven to be able to
increase the toughness in KIC laboratory testing.

The ECAP process is a useful process for metallurgical studies of light alloys and
especially for Mg, as shown by Ou et al. [7], with the paper dealing with the Mg97Zn1Y2
alloy powders reinforced by Y2O3 particles prepared by simultaneous synthesising of Y2O3
particles and compacting of mechanically alloyed powders using equal channel angular
pressing. They found that, after mechanical alloying for 20 h, the material consisted of
α-Mg, Y and Y2O3 phases. The ECAP-compacted bulk alloy contained the α-Mg matrix
and uniformly dispersed Y2O3 and MgO phases. A very impressive hardness value was
reached (after ECAP route Bc for four passes) of 110 HV, along with an ultimate compressive
strength of 185 MPa. The hardness observed in the ECAP-compacted alloy was mainly
attributed to the dispersion hardening of Y2O3 particles [7].

Another interesting paper in the scope of the Special Issue, submitted by Yang et al. [8]
deals with the preparation of layered metal matrix composites and characterisation of the
reactions between nickel and germanium after the incorporation of a titanium interlayer
on germanium (100) substrate. The results show that, after a microwave annealing (MWA),
the nickel germanide layers are formed from 150 ◦C to 350 ◦C for 360 s (under nitrogen
atmosphere) and the titanium interlayer becomes a titanium cap-layer. These results can
be useful for potential precursors for the Secure Digital (S/D) cards contact technology in
state-of-the-art Ge-based devices.

The last paper, from Shanmugam et al. [9], faces another important technological
aspect: the machining of beta titanium alloys. The original research presents the results of
the influence of the additive manufactured (AM) tool in electrochemical micromachining
(ECMM) on the machining of a beta titanium alloy. It was shown that the additive manu-
factured tool can produce a better circularity and overcut than a bare tool. The reason for
this result has been discussed and was found to mainly be related to the AM-tool’s higher
corrosion resistance and higher electrical conductivity.

3. Conclusions and Outlook

This Special Issue covered a variety of topics, presenting recent developments in the
synthesis, characterisation, joining and processing of lightweight alloys of the three Al, Mg
and Ti families. Moreover, some of the results can provide a basis for effective electronic
and industrial applications; however, there are still many challenges to overcome.

As a Guest Editor, I really hope that all the scientific results in this Special Issue can
contribute to the advancement of future research on lightweight metal and find application
in real industrial environments and markets.

Finally, I would like to thank all the reviewers for their valuable contributions and
efforts in improving the academic quality of the research published in this Special Issue. I
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would also like to give special thanks to all staff at the Metals Editorial Office, especially to
Toliver Guo, Assistant Editor, always prompt, for supporting and facilitating the publication
process in this exceptional pandemic situation.
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Abstract: In this article, structural features of Ti-TiB and (α+β) Ti alloys in the initial state, in the weld
and in the heat-affected zone of electron beam welds were investigated. The influences of welding
parameters, such as influence of the electron beam velocity, preheating of the welded alloys and the
subsequent annealing of the welded joint on the its microstructure, and the mechanical strength and
ductility of the critical elements of the joint were studied by scanning electron microscopy using
microprobe Auger spectral and X-ray diffraction analysis and tensile tests. It has been shown that the
conditions for rapid crystallization of the material from the melt of the weld contribute to refining of
reinforcing fibers of TiB and its hardening in comparison with the starting material Ti-TiB. Besides
that, influences of the preferential orientation of TiB reinforcing microfibers (along and across the
welded butt joint) on the mechanical properties of the welded joint were investigated bz tensile
testing. Using the methods of fractographic analysis, the effect of the boron-containing phase on
the fracture character of Ti-TiB welded joints was established. It was shown that, along with the
strengthening effect, TiB fibers cause embrittlement of the material.

Keywords: titanium alloys; titanium boride; microstructure; mechanical properties; welded joint;
electron-beam welding; heat treatment

1. Introduction

The development of new titanium alloys for welded constructions is appealing. These alloys could
be used in manufacturing engineering, allowing not only achieving high operational characteristics for
constructions made from these alloys, but also increased economical effectiveness.

Titanium is characterized by low hardness, a high Young’s modulus and relatively low ultimate
strength (~480 MPa). This determines its limited usability in manufacturing in its pure form.

One of effective strengthening mechanisms of metal materials is reinforcement with high-module
fibers. Composite metal–ceramic titanium alloys can be reinforced with high-melting compound fibers,
such as titanium boride and silicide, which improve the strength by 2–3 times [1–7]. Such materials
can be produced by using powder metallurgy. In such cases, high-melting compound fibers are mixed
with titanium or titanium hydride powder or are synthesized during sintering of initially formed
pressed parts from mixture of titanium hydride and high-melting powders. Another possibility to
produce such strengthened alloys is introducing the strengthening fibers during crystallization of
eutectic alloys. This ensures their uniform arrangement.

Strength of such metal-ceramic composites is determined by size and quantity of reinforcing
fibers [8,9]. The size and quantity of titanium boride fibers during crystallization from eutectic alloys
of Ti-B system [10] are determined, first of all, by the temperature gradient at the crystallization front,

Metals 2020, 10, 522; doi:10.3390/met10040522 www.mdpi.com/journal/metals5
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the homogeneity of chemical composition in melt volume and the stability of thermal conditions (see
Table 1).

For production of metal-ceramic composites with TiB fibers, electron-beam melting [11,12] or
crucibleless zone melting [13] is used. Titanium is used as a matrix, and titanium boride as fibers,
during the obtaining of a Ti-TiB based alloy [12,13].

Table 1. Mechanical properties of titanium and Ti-TiB alloy

Material
Yield

Strength
σ0.2, MPa

Tensile
Strength
σt, MPa

Elongation
δ, %

Reduction
of Area

Ψ, %

Vickers
Hardness
HV, MPa

References

Technical titanium 350–500 450–550 25 55 1400–2000 [12]
BT1-0 - 295–440 24–25 42–55 - GOST 26492-85
Ti-TiB 631 882 13 16 3500–3700 [12]

Alloys of Ti-TiB type are cost-effective as they do not have to be alloyed with high-priced additions;
besides, high-melting reinforcing fibers ensure high mechanical properties both at normal conditions,
and under increased temperatures.

When using fiber reinforced alloys in constructions, similar joints between parts made from theses
alloys, and dissimilar joints between fiber reinforced Ti-alloys and other titanium alloys and mild steels
are to be produced.

Generally, titanium alloys can be characterized by good weldability with each other [14–17],
except for some of (α+β)-alloys. The latter ones have a lower weldability, compared to α-alloys
and β-alloys with stable structures, because they are more sensitive to the changes of the welding
parameters. The required properties can be achieved through complex thermal treatment, which effects
the base material and welded joint in different ways. Welding of titanium alloys is done mainly by
electron-beam [18] or arc welding in argon [19]. Nevertheless, in case of welding Ti-TiB alloys, it is
necessary to retain the structure of micro-reinforcing by TiB fibers. The new requirements for the weld
formation conditions and the heat-affected zone (HAZ) have to be determined.

The present article presents basic options of welding parameter optimization for dissimilar joints of
Ti-TiBn alloys with other titanium alloys, and with other structural materials. The article shows the path
to achieving high mechanical properties of welded constructions produced by electron-beam welding.

2. Materials and Methods

As our investigations focused on the influence of heat input during welding on the properties
of Ti-TiB alloys [12], to keep the number of variables as low as possible, only one Ti-TiB alloy was
investigated. The alloy was obtained by sintering powders of Ti (grade ΠTK-1 TУ14-22-57-92 (PTK-1
TU 14-22-57-92) fractional size 45–100 μm >85%, chemical composition, wt.%: N-0.07%, C-0.05%,
H-0.35%, Fe-0.35%, Si-0.10%, Ca-0.08%, Cl-0.003%, Ti—the rest) and TiB2 (fractional size ~5 μm,
chemical composition (TU 113-07-11.040-89): Ti ≈ 70%, B ≈ 30%, Fe < 0.05% and C < 0.1%), which was
carried out after mixing of Ti-95% and TiB2-5% powders, pressing at P = 0.65 GPa and annealing in the
β-area temperature range (sintering start temperature 1000 ◦C, heating at a rate of 0.03 K·s−1 to 1200 ◦C,
3 h, 10 Pa). Briquettes with a diameter of 30 mm and a height of 20 mm, which were obtained after
sintering, were filled into the melting chamber of the electron-beam unit UE-208 (УЭ-208, Pilot Paton
Plant, Ukraine). The briquettes were melted under a vacuum of (7–9) × 10−2 Pa in a crucible; then
the melt was poured into a water-cooled copper crystallizer with a diameter of 110 mm. In the mold,
a directed heat sink was achieved by heating the melt surface with electron beams of two electron guns
with a heating spot diameter of 35–40 μm (scanning speed 5 mm·s−1). The surface of the ingot was
kept in a molten state, forming a temperature gradient that provided directional crystallization with
the formation of boride fibers, as described in [12]. After machining the ingot with removing a 2.5 mm
layer, multiple deformation processing was performed on a Skoda 500/350 rolling mill with ε = 20%
degree of plastic deformation. The final blank thickness for the experimental samples was 10 mm.
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The blanks for welding investigations were then extracted by water-jet cutting. The ends of the cut of
the samples were ground to ensure parallel joint of the welded surfaces, so that the resulting surface
roughness Ra was less or equal to 3.2 μm.

The resulting microstructure of a Ti-TiB alloy, consisting of Ti-matrix with boride fibers, can be
seen in Figure 1. The quantitative ratio of the phases Ti-95%, TiB2-5% in the experimental samples was
controlled by quantitative X-ray phase analysis by the RIR method.

Figure 1. Structure of Ti-TiB melt before welding.

The metallographic analysis showed that TiB microfibers were uniformly distributed over the
entire volume of the titanium matrix (α-Ti); their thickness was 2–7 μm (see Figure 1); and the fiber
length ranged from 8 μm up to 70 μm. The thickness of TiB fibers was correlated with their average
length in a ratio of 1:3.

Ti-TiB can be classified as an alloy, as all of its components go through the stages of melting
and subsequent crystallization with the formation of a structural reinforcing TiB phase in the form of
reinforcing fibers.

In order to obtain the welded samples on bases of Ti-TiB alloy, electron-beam welding was carried
out. Samples in the form of a parallelepiped with size 50 mm × 100 mm × 10 mm were fixed in a
clamp and welded at a longer face. The welding was carried out in the following mode of operation:
Uacc = 60 kV, Ieb = 90 mA. Electron beam movement velocity was changed as veb = 7, 10 and 13 mm·s−1.
For welding titanium alloys, the ellipse of the electron beam 3 mm × 4 mm was located with its shorter
diameter transverse to the welded joint. The scanning frequency of the electron beam was 170 Hz.
The focus was on the weld surface. The diameter of the focused beam was 0.8 mm. The focusing
lens current was 960 mA. A lanthanum-boride (single-crystal LaB6) T-shaped cathode with a diameter
of 3 mm was used. The distance from the electron gun to the weld butt was 70 mm. Electron-beam
welding was carried out on UL-144 (УЛ-144, Pilot Paton Plant, Ukraine) welding machine.

The thermal source, ensuring the melting of contact zone of welded alloys, was the electron
beam. Said beam was formed by an electron gun and was focused onto joint area of welding materials.
Under close density of welding materials, the electron beam penetrates into the subsurface area in
which they dissipate their energy. The depth of such a layer depends on the accelerating voltage and
density of material to be processed, and may be evaluated by formula:

Λ = 2.35× 10−12U2
acc/ρ, (1)

where Λ is electrons penetration depth in μm, and ρ is density of material subjected to welding
in g·cm−3. Thus, for a titanium alloy with density of 4.5 g·cm−3 under Uacc = 60 kV, the value of
Λ ≈ 20.5 μm–calculated using the Equation (1). Effective efficiency factor during the electron-beam
welding has the values ≈0.85–0.95.
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In investigations presented in this article, the power density was ~106 W·cm−2. In this power
density range the electron-beam energy impact is characterized by melting penetration; the penetration
depth to width ratio was 10:1 and more. The melting of the welded materials was complete with the
formation of a vapor-gas channel at the point of interaction of the electron beam with the metal surface.
The maximum metal temperature in the melt zone was ≈2200–2300 ◦C [14], which is much higher than
melting temperature of titanium and TiB [20].

Specimens of the welded joints’ cross sections of welded joins for metallographic investigations
were extracted from the welded joints, using a precision water jet cutter KGA 2-R-2500 (Private
Enterprise “Roden”, Ukraine) by cutting across the weld, with subsequent grinding and polishing.
Specimens were then etched with a solution 15%HF + 55%H2O + 30%HNO3. Prepared surface layers
were photographed and analyzed using a scanning electron microscope (by the JSM-840, JEOL Ltd.,
Japan) and REM-106I (PЭM-106И, OJSC “SELMI”, Ukraine, Sumy) scanning electron microscopes)
and a probe for micro X-ray spectral and Auger spectral analysis with up to ×5000 magnification.
The pictures were obtained from secondary (SE) and back-scattered (BSE) electrons. The JAMP-9500F
(JEOL Ltd., Japan) scanning electron microscope with the OXFORD EDS INCA Energy 350 (OXFORD
INSTRUMENTS INDUSTRIAL PRODUCTS LIMITED, Abingdon, Oxfordshire, UK) energy-dispersive
Auger-spectrometer was also used.

Tensile tests were carried out on a ZD-4 (VEB WERKSTOFFPRUFMASCHINEN, Germany, Leipzig)
tensile testing machine according to the standard GOST 1497-84. Specimens for tensile test were water
cut from the welded plate perpendicular to the weld nut axis so that the weld nut was in the middle of
the tensile specimen and then machined to achieve the geometry shown in Figure 2. At least 6 samples
were used for confirmation of results repeatability in the experimental cycle.

 

Figure 2. Tensile test specimen sketch-test specimens were manufactured according to GOST 1497-84
(ISO 6892-84).

X-ray structural investigations of the samples were carried out by the DRON-UM-1 (ДPOH-УM-1,
IC “Bourevestnik”, Russia) X-ray diffractometer in copper Kα-radiation by step-scan method [12].

3. Results and Discussion

3.1. Welding of Similar Joints Ti-TiB Alloy

3.1.1. Influences of Welding Parameters on Microstructure and Mechanical Properties

In Ti-TiB alloy, the TiB phase, which is known to embrittle the material, leads to a hardening and
forms the composite microstructure. This explains the expediency of retaining of microstructure with
TiB reinforcing fibers in the welding zone being formed. In the investigations [12,13], it was shown
that under conditions of zone melting the reinforcing TiB fibers are formed predominantly elongated
in direction of crystallization-front movement. In overheated areas diboride inclusions are formed,
which are more faceted and which capture the boron necessary for formation of titanium monoboride
reinforcing fibers. This is essential during the selection of parameters of heat input into the weld.

Parameters of electron-beam welding were variated, as shown in Table 2; their influences on
microstructure and mechanical properties were determined.
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For the material of welded joint, three typical zones can be defined (see Figure 3):

- Base material hardly influenced by welding process;
- Weld metal which is formed from the melt;
- Transient zone which is formed during the melt’s interaction with the base material.

 
(a) 

 
(b) 

Figure 3. Welded joint produced by electron-beam welding of Ti-TiBn samples: (a) overview;
(b) microstructure of weld metal, heat-affected zone (HAZ) and base metal.

The metallographic analysis shows that the structure of base material and that of the one obtained
in result of welded seam formation differ considerably (see Figures 1 and 4).

Figure 4. Typical structure of Ti-TiB alloy in the weld metal after welding.

In the welded seam zone, significant changes in structure of welded material were observed
(Figure 4), compared to the unaffected base metal (see Figure 1). The microstructure of welded seam
material has patterns typical for formation under conditions of fast crystallization of Ti-TiB melts
(Figure 5).
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Figure 5. Distribution of boron-containing fibers in weld metal.

The main characteristics of the material revealed in the welded seam area, can conditionally divide
the area into three zones (see Table 3).

Table 3. Characteristics of Ti-TiBn structure (by results of phase X-ray structural investigations, n = 1)
in the welded seam zone.

No. of
Sample
Series

Heat Affected Zone
(See Figure 6).

Area, Retaining the Structural
Peculiarities Both Base

Material, and Weld Metal

Weld Metal (See Figure 7) Base Material

1

Zone width is 50 μm on average.
In the material are areas without

fibrous inclusions, and areas
engaging both initial large TiB

fibers, and thin micron and
submicron fibers.

TiB fibers have not predominant
orientation (see Figure 6a). Fibers
length is from 2 to 8 μm. TiB fibers

thickness is correlated with their length
in proportion from 1:4 to 1:8 on average.
Average distance between fibers in Ti

matrix is 1.5 μm.

It is typical the presence
of large elongated grains

of titanium boride, for
which is typical the

decrease of peak
intensity of titanium
characteristic X-ray

emission by 1.2–1.3 times
in comparison with the
main titanium matrix.
Fibers are distributed
uniformly by whole

volume (their thickness
is 2–7 μm (see Figure 2)),
fibers with length from 8

to 70 μm are observed.
TiB fibers thickness is
correlated with their

length in proportion 1:3
on average, at that, this
proportion for various
inclusions is vary from

2:3 to 1:15. Orientation of
reinforcing fibers

is initial.

2

Zone width is 40 μm on average.
In the material are areas without

fibrous inclusions, and areas
engaging both initial large TiB

fibers, and thin micron and
submicron fibers.

TiB fibers have not predominant
orientation (see Figure 6b). Fibers
length is from 1 to 4 μm. TiB fibers

thickness is correlated with their length
in proportion 1:5 on average, at that,

this proportion for various inclusions is
vary from 1:4 to 1:6. Average distance
between fibers in Ti matrix is 0.8 μm.

3

Zone width is 32 μm on average.
Feature of structure in such

transient zone in comparison
with samples Nos. 1, 2 and 4 is

more high degree of
homogeneity which is

approaching to the
characteristics of welded

seam material.

TiB fibers have not predominant
orientation (see Figure 6c). Fibers

length is from 5 to 20 μm. TiB fibers
thickness is correlated with their length

in proportion 1:9 on average, at that,
this proportion for various inclusions is
vary from 1:4 to 1:11. Average distance

between fibers in Ti matrix is 4 μm.

4

Zone width is 28 μm on average.
In the material are areas without

fibrous inclusions, and areas
engaging both initial large TiB

fibers, and thin micron and
submicron fibers.

TiB fibers have not predominant
orientation (see Figure 6d). Fibers
length is from 2 to 6 μm. TiB fibers

thickness is correlated with their length
in proportion 1:10 on average, at that,

this proportion for various inclusions is
vary from 1:6 to 1:10. Average distance
between fibers in Ti matrix is 0.8 μm.

11
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The results obtained testify the increasing of zone width, formed during interaction of the melt
with the sample crystal metal, both under decrease of electron beam movement velocity, and under
increase of temperature of the welded samples. This is evidence of the development of relaxation
thermodynamic processes in the boundary zone. Completeness of their passing demands availability
of a long-time interval and increased temperatures.

The initial temperature and movement velocity of the electron heating source affect the
development of relaxation processes in a different way. Under a preheating temperature of 400 ◦C,
a considerable increase of boron-containing phase homogeneity distribution in transient zone and an
increase of fiber length and thickness were observed, compared to non-preheated samples. Decrease of
the electron beam movement velocity led to a decrease of fiber dimensions, and their distribution in
the transient zone became more heterogeneous and had dendritic character.

The metallographic analysis showed that the structures of the initial material and the one obtained
in the result of welded seam formation differ considerably (see Figures 6 and 7).

(a) (b) 

(c) (d) 

Figure 6. Structure of the material in the area of base material transition into weld metal: (a) sample of
number 1 series; (b) sample of number 2 series; (c) sample of number 3 series; (d) sample of number
4 series.

12
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(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 7. Structure of Ti-TiB alloy in the weld metal after electron-beam welding: (a) sample of number
1 series; (b) sample of number 2 series; (c) sample of number 3 series; (d) sample of number 4 series.

In the weld metal, formed by crystallization from the melt, similar trends are observed (see the
Figure 7). At the same time, the smallest dimensions and largest uniformity of TiB fibers distribution
in TiB matrix are observed in weld metal at medium value of electron beam movement velocity veb

= 10 mm·s−1. Preheating of parts subjected to welding results in considerable increase of TiB fibers’
dimensions, which is due to increase of total specific internal energy of material in the zone. Obviously,
the increase of veb results in a considerable increase of temperature gradients, and correspondingly,
in essentially greater non-equilibrium of phase and structural states. During veb increase, the following
changes of material structure in the transient zone were observed:

• Segregation of boron-containing fibers in areas with their increased content and formation of areas
depleted with such phases (see Figure 6a).

• Growth of boron-containing fibers both by length, and by thickness, upon increasing of residual
temperature of joint subjected to welding both at the expense of the electron beam impact increase
(see Figure 7a), and at the expense of preliminary heating (see Figure 7c). At that, the effect of
preliminary heating is displayed to a considerably greater extent.

Results of mechanical breaking tests of Ti-TiB welded samples demonstrated that material structure
in weld metal, and mechanical properties of welded joints and base material, depend on welding
parameters (see the Table 2). Particularly, at the minimum velocity of electron beam movement, it was
possible to obtain some level of plasticity.

13
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3.1.2. Fractographic Investigations

Fractographic investigations and analysis of fracture zone location regarding to the welded seam
of Ti-TiB series welded joints have demonstrated that all samples were fractured by base material.
This is evidence of the fact that the strength of welded joint is not less than the strength of the base
material (see Figure 8).

 
Figure 8. General view of fractured Ti-TiB welded specimen.

During tensile tests of Ti-TiB welded joints it was revealed that under a welding temperature change
from 20 to 400 ◦C the maximum strength and plasticity were observed with the minimum velocity
of electron beam movement. At that, the mixed character of the fracture was observed. Fragments
of ductile fractured, light-colored wave combs (see Figure 9) were observed on the facture surface,
and the fracture was mainly of trans-crystalline type, as determined by its brittle cleavage mechanism.

 
Figure 9. Fractographic investigation of Ti-TiB titanium alloy welded joint produced by electron-beam
welding, ×500.

In Figure 9 the fracture area is presented, in which one can see that large rod borides are cracked
because of high stresses arising around them, which results in brittle fracturing. Shorter borides (less
than 5 μm) do not result in strong localization of stresses, and thus, do not significantly affect the
fracture toughness of a plastically deformed matrix. In the Figure 9 the fragment with brittle fracturing
is presented, wherein the secondary cracks are revealed on the fracture’s surface, which are localized
frequently in area near boride inclusions.

Because the welded construction fracturing takes place via the base material, the influences of
varied welding parameters may be attributed to the thermal influence on the base material. Minimum
distortion of the titanium boride crystal lattice and minimum dimensions of TiB crystalline blocks
are observed at minimum velocity of electron beam movement (see the Table 2). Lesser distortion of
titanium boride crystal lattice is observed under preliminary heating only, but it results in a considerable
increase of mean TiB crystalline block size. According to the results of [10], high adhesive strength of
interphase boundaries between titanium matrix and TiB filamentary crystals in VT18U/TiB composites
is retained up to the temperatures T = 600–700 ◦C. Initial heating up to 400◦ C may result in exceeding
these temperatures in the heat-affected zone, and as a consequence, the breaking of adhesion bonds in
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some areas of large TiB crystalline blocks along with occurrences of additional defects, which promote
brittle fracture and strength lowering.

3.2. Welding of Dissimilar Joints between Ti-TiB and (α+β)Ti Alloy

Influences of Welding Parameters and Heat Treatment on Microstructure and Mechanical Properties

In case of Ti-TiB welding with titanium alloy without reinforcing fibers, it is necessary to understand
the way in which the transient zone of welded seam shall be formed and will it lead to lowering of
its strength.

The (α+β)Ti alloy, in terms of its composition (Al-3.5%, Nb-3.0%, Fe-2.5%, V-1.9%, Mo-1.4%,
Zr-1.3%, Si-0.1%, T–the rest), is close to the T110 alloy (5.0–6.0% Al, 3.5–4.8% Nb, 1.5–2.5% Fe, 0.8–2.0%,
0.8–1.8% Mo, 0.3–0.8% Zr, 0.09% O2, 0.02% N2, 0.003% H2), which was developed jointly with the
Paton Electric Welding Institute of National Academy of Sciences of Ukraine and “Antonov” State
Enterprise (patent of Ukraine number 40087C2 of 16.06.2003) and which is characterized by sufficiently
high mechanical properties.

For alloys of Ti-TiB type, the anisotropy of mechanical properties, determined by directionality of
reinforcing fibers, is typical. In the Table 2 the mechanical properties of welded joints of Ti-TiB with
T110 type alloy are presented, in which the initial orientation of TiB fibers in Ti has a predominant
directionality that is perpendicular to the surface subjected to welding. It permits us not only to analyze
the processes of production of Ti-TiB and the T110-type alloy welding joint, but also to carry out the
analysis of the effects of the reinforcing fibers’ orientation in the initial Ti-TiB alloy on the properties of
the welded joint produced.

The welding was carried out in the following mode of operation: Uacc = 60 kV, Ieb = 90 mA,
electron beam movement velocity veb = 7 mm·s−1, beam sweep—elliptic, transversal (3 mm × 4 mm).
After welding, some of the welded samples were subjected to annealing for 1 h at the temperature
750 ◦C (in air condition) or at the temperature 850 ◦C (in vacuum). Results of mechanical tests of
Ti-TiB–T110 samples before and after thermal treatment are in the Table 4.

Table 4. Mechanical characteristics of welded joints of Ti-TiB alloy with T110 titanium alloy obtained
by electron-beam welding.

No. of
Sample
Series

Kind of
Welding

Joint

Thermal
Treatment

Mechanical Characteristics

Structure of
Material in
Weld Metal

Notes
Yield

Strength
σ0.2

MPa

Tensile
Strength
σt

MPa

Elongation
δ
%

Reduction
of Area

Ψ

%

5

(Ti-TiB)–T110

Without
annealing 918.9 991.5 1.2 2.3

Reinforcing
fibers along
the load axis

Fracture by
T110 alloy

6 Without
annealing - 931.3 - -

Reinforcing
fibers across
the load axis

Fracture by
(Ti-TiB)

alloy

7
Annealing

750 ◦C
1 h (air)

928.7 970.5 2.0 5.9
Reinforcing

fibers are
across

Fracture by
(Ti-TiB)

alloy

8
Annealing

850 ◦C
1 h (vacuum)

- 975.7 - -
Reinforcing

fibers are
across

Fracture by
(Ti-TiB)

alloy

Regarding the beginning of the plastic deformation process before the fracturing of number 7
series samples, the results of fractometric analysis of fracture surfaces are in Figure 10. Peculiarities of
the fracture surfaces of series 6 samples, characterized by σt = 931.3 MPa (see Figure 10a), and series
6 samples, characterized by σt = 970.5 MPa and δ ≈ 2% (see Figure 10c), permits us to confirm that
in both cases the brittle fracture was initiated by developments of brittle cracks at the boundary TiB
fiber–titanium matrix. This statement is supported by the fact that TiB fibers are found on all fracture
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surfaces (see Figure 10b,d). An increase of the specific area of adhesion contact of TiB fibers with a
titanium matrix within the total cross-sectional area of a specimen with transversal fiber orientation
subjected to deformation, results in an increase of brittle-crack-nucleus development probability in
such areas. On the fracture surfaces of series 7 samples, some traces of plastic deformation may also be
observed (see Figure 11), which are absent in series 6 and 8 samples.

(a) (b) 

(c) (d) 
Figure 10. Structure of fracture surfaces of series 6 (a,b) and 7 (c,d) samples.

Figure 11. Cellular traces of plastic deformation on fracture surface of a series 7 sample.

In the welded samples, dark colored boron-containing inclusions were observed in the
crystallization zone in which molten material contacted Ti-TiB alloy, which retained a solid state (see
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Figure 12a). These inclusions have dimensions from submicron quasi-spherical, segregated into the
boundary clusters, up to micron, which are close to initial TiB reinforcing fibers.

(a) (b) 

(c) 

Figure 12. Microstructures of (Ti-TiB)–T110 welded joint material in Ti-TiB—welded seam zone:
(a) number 6 series sample; (b) number 7 series sample; (c) number 8 series sample.

Annealing of specimens at 750 ◦C (see Figure 12b) and 850 ◦C (see Figure 12c) results in dissolution
of the above-mentioned quasi-spherical clusters, while retaining the part of initial reinforcing TiB
fibers (see Figure 13b). In such a boundary zone, the submicron TiB-reinforcing fibers are also
formed (see Figure 14). After annealing at 750 ◦C they are distributed more uniformly and after
annealing at 850 ◦C they form a cluster network, typical for all welded seam material (see Figure 15).
Dissolution of boron-containing clusters in boundary zone of Ti-TiB-weld metal during subsequent
short-term annealing can be considered a proof of thermodynamic instability of these formations.
In the experiments [21] the presence of meta-stable Ti2B was observed. It formed from Ti-B liquid
phase at ~2200 ◦C and subsequently disappeared under conditions of thermodynamic stabilization at
~1800 ◦C. Very likely, under the conditions of electron-beam welding, rapid cooling at the boundary
between Ti-TiB and molten metal resulted in fast crystallization in this zone and the formation of a
meta-stable phase, which was dissolved during annealing at 750 ◦C and 850 ◦C (1 h).
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(a) 

 
(b) 

Figure 13. Boron-containing inclusions in the Ti-TiB welded seam zone of (Ti-TiB)–T110 welded
joint: (a) after electron-beam welding (number 6 series sample); (b) after electron-beam welding and
subsequent annealing at 850 ◦C (number 8 series sample).

Figure 14. TiB submicron reinforcing fibers of (Ti-TiB)–T110 welded joint area in Ti-TiB—welded seam
zone—after annealing at 750 ◦C.

Figure 15. Network of TiB-reinforcing fiber clusters in Ti-TiB—welded seam zone (T110)—after
annealing at 850 ◦C.

With a distance increase from Ti-TiB’s welded seam zone towards T110, the effect of annealing
on structure of welded seam material was not observed. Furthermore, network cells of submicron
boride fiber clusters were enlarged gradually in size (see Figure 16) and were not observed in the zone
wherein T110 alloy remained in solid state. In the welded joint the boride submicron fibers do not
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have predominant directions in the welded seam material, but they are locally oriented predominantly
along boundary of their clusters network.

(a) (b) 

 
(c) 

Figure 16. Structure of boride fibers’ submicron cluster network with distance from the Ti-TiB—welded
seam zone: (a) welded seam zone located from the direction of Ti-TiB—welded seam; (b) welded seam
zone located in the middle area; (c) welded seam zone located at the boundary T110 alloy—welded
seam (T110 alloy is in the lower part).

X-ray spectral microanalysis of reinforcing fibers in the welded seam zone did not lead to revealing
such doped elements in fibers, which are typical for the T110 alloy, besides Al up to 0.18% and Fe up
to 0.1%.

During tensile tests conducted at the temperature 20 ◦C, of the welded Ti-TiB samples (which had
an orientation of reinforcing fibers predominantly perpendicular to the plane of the weld butt joint)
and T110, fracturing occurred by the base material (Figure 17). With this orientation of the reinforcing
fibers, the Ti-TiB alloy was stronger than the T110 alloy, in which fracture occurred. In these cases,
the maximum strength with minimum plasticity was observed at the minimum velocity of electron
beam movement. The highest level of plasticity was observed at the maximum velocity of electron
beam movement and welding of materials initially heated up to 600 ◦C.
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Figure 17. Mechanical properties of (Ti-TiB)–T110 welded joint material obtained under various modes
of electron-beam welding.

In order to calculate the strength of the T110 type alloy, by which the fracturing of welded joints
took place, the following formula proposed in [22] was used:

σt = 235 + 60 · ι+ 50 · κ, (2)

where ι = %Al+ 0.5%Sn+ 0.33%Zr+ 3.8, κ = %Mo+ 0.56%V+ 1.25%Cr+ 1.43%Fe+ 0.3%Nb.
Calculated σt for alloy of T110 type is 1051 MPa according to Equation (2). It matched to the data

regarding the strength of T110 alloy quite well (σt = 1107 MPa [23]), and it permits us to consider
that the reduced level of strength of this welded joint element is associated with the necessity of
after-welding heat treatment.

During the production of the welded joint between Ti-TiB and T110 alloys in the case of minimum
electron beam velocity veb = 7 mm·s−1, the dendritic structure typical for Ti-TiB welded seam is
retained (see Figure 18a). Under increasing of electron beam velocity, the boride inclusions form a
cellular structure. An increase of cell dimensions was also observed for preheated parts (600 ◦C) when
compared to parts, welded at the starting temperature of 20 ◦C (see Figure 18).

Enlargement of cells of dendritic-like microstructure upon increase of initial temperature of
materials subjected to welding from 20 ◦C to 600 ◦C is probably connected with the incomplete
thermodynamic stability of boron-containing areas, adjacent to TiB microfibers.

In the case of mechanical testing of welded joints between Ti-TiB and T110 alloys, fracturing
took place in T110. This proves the higher mechanical properties of weld seam. On the other hand,
it demonstrates the necessity of heat treatment optimization in order to increase mechanical properties
of welded joints.
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(a) (b) 

(c) (d) 

 
(e) 

Figure 18. Microstructures of the welded seam material of the (Ti-TiB)–T110 joint: (a) veb = 7 mm·s−1,
T0 = 20 ◦C; (b) veb = 10 mm·s−1, T0 = 20 ◦C; (c) veb = 13 mm·s−1, T0 = 400 ◦C; (d) veb = 13 mm·s−1,
T0 = 20 ◦C; (e) veb = 13 mm·s−1, T0 = 600 ◦C.

Investigation of surface fracturing of a given series of dissimilar welded joints is shown Figure 19a,b.
Elements of ductile fracture (light-colored wave combs) are observed on fracture surfaces, and brittle
areas correspond, obviously, to the cellular structure areas.
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(a) 

 
(b) 

Figure 19. General views of the fracture surfaces of dissimilar welded joints of (Ti-TiB)–T110 series
samples at the temperature 20 ◦C, ×100: (a) plasticity 1.2%; (b) plasticity 4.9%.

Fragmentation of borides absent tearing from the matrix (see the Figure 20) points out the high
adhesive strength of the boundary between the titanium matrix and TiB particles. The presence of a
boride phase with extremely low plasticity may initiate the development and opening of a brittle crack
in the fracture process, which is able to propagate across all of the Ti-TiB material.

 
(a) 

 
(b) 

Figure 20. TiB particles in the deformed titanium matrix of the Ti-TiB alloy of a (Ti-TiB)–T110 welded
joint: (a) boride plate retained integrity while deforming (TiBn: n = 1.47 (1); 1.01 (2); 1.16 (3));
(b) defragmented boride plate (n = 1.06).

During the tensile testing of dissimilar welded joints of Ti-TiB and T110 alloys, produced under
low electron beam velocities, a certain level of plasticity was observed: at the minimum electron beam
movement velocity of 7 mm·s−1 it was 1.2%, and at the electron beam movement velocity of 13 mm·s−1

it was 4.9%, but plasticity increase resulted in strength decrease (see the Figure 19).
Figure 20a,b present the general view of fracture surface of welded joints between (Ti-TiB)–T110

series samples for which a decent level of plasticity is observed under all welding parameters. In this
case the fracture surface shows elements of ductile fracture (light-colored wave combs) (see Figure 21),
which points to the main crack propagation character (see the Figure 19a). As was mentioned above, in
all cases of mechanical testing of (Ti-TiB)–T110 series samples the fracture took place in alloy T110
away from weld seam area.
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Figure 21. Fragment of ductile fracture of fracture surface of (Ti-TiB)–T110 series samples welded joint
at the temperature of subjected to welding samples 600 ◦C, ×1000.

It should be noted that the conducted fractographic investigations have shown that the fracture
surfaces of (Ti-TiB)–T110 series samples demonstrate mixed brittle-ductile fracturing with a prevailing
brittle fracture mechanism (see the Figure 22). Increasing of the beam velocity and preheating
temperature when welding dissimilar joints, leads to an increase of the ductile fracture fraction.
Upon reaching the critical level of stresses in Ti-TiB alloy, large borides are cracked, supposedly due
to high stress concentration around them, which results in brittle fracturing (see the Figure 22b).
The presence of a larger amount of short borides (less than 5 μm), which are typical for welded seam
material, do not result in strong stress localization and thus do not affect the fracture toughness of the
plastically deformed matrix.

  
(a) (b) 

Figure 22. Fragment of ductile fracture of fracture surface of (Ti-TiB)–T110 welded joint, ×1000:
(a) veb = 7 mm·s−1; (b) veb = 13 mm·s−1.

As mentioned previously, all the specimens fractured in the base metal. This can be explained by
the fact that boride fibers’ sizes in the weld metal are significantly smaller (TiB fibers ranging from 1 to
20 μm, see Figures 4, 5 and 13–16, and Tables 2–4) compared to the base metal (TiB fibers are between
8 and 70 μm, as shown in Figure 1). Such refinement of boride fibers could possibly lead to higher
strength of Ti-TiB, as discussed by Kaczmarek et al. [7]. However, a systematic study with a focus on
fiber size variation and distribution and their influence on the mechanical properties of welded joints
with a broader range of TiB fiber sizes is needed to check this assumption.
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4. Conclusions

1. The electron-beam welding with Uacc = 60 kV, Ieb = 90 mA, beam sweep elliptic (3 mm × 4 mm),
transversal, under all values of veb in the range from 7 to 13 mm·s−1 ensures production of welded
joints of Ti-TiB alloy samples, containing 5 mas. % of TiB2 in titanium base.

2. During weld seam formation, the basic material is subjected to microstructural changes
which result in decreasing of boron-containing fibers thickness from 3–8 μm to 0.1–0.9 μm.
Their distinctive initial directionality is lost, and a considerable decrease in the thickness-to-length
ratio of the fibers in the boron-containing phase was observed.

3. The transient zone between the base metal and the welded seam material of Ti-TiB alloy has
typical dimensions of 40–50 μm. In this zone both the boron-containing fibers of 3–8 μm thickness
and 8–40 μm length, typical for an initial material, and thin long boron-containing fibers of
0.1–0.9 μm thickness and 3–15 μm length, typical for a welded seam, were observed.

4. Preheating of welded samples to 400 ◦C results in a considerable rise of the homogeneity
distribution degree of the boron-containing phase in the transient zone and an increase of fiber
dimensions of this phase both by length and thickness, both in the transient zone and in the weld
metal, compared to non-preheated specimens.

5. Increase of electron beam movement velocity from 7 to 13 mm·s−1 results in an increase of
the transient zone between base material and welded seam material and in a more uniform
distribution of boron-containing fibers in titanium matrix.

6. Upon reaching the critical level of tensile stresses, the welded joints of Ti-TiB and T110 type
alloys, produced by electron-beam welding under all values of veb in range from 7 to 13 mm·s−1

regardless of preheating, are fractured outside of the welded seam zone; the fracture surfaces
show signs of mainly brittle fractures.

7. Predominant transversal orientation of TiB-reinforcing fibers in Ti-TiB alloy leads to decrease of
mechanical properties of dissimilar joints between Ti-TiB and T110. For such joints, the condition
of Ti-TiB alloy is critical, as it is subjected to brittle fracturing. The thermal annealing of the
welded joint at the temperature 750 ◦C (1 h) increases the plasticity of this alloy.
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Abstract: Mg-Zn-Y alloys with long-period stacking ordered structures (LPSO) have attracted
attention due to their excellent mechanical properties. In addition to the LPSO structure, Mg alloys
can also be strengthened by oxide particles. In the present study, oxide dispersion strengthened
Mg97Zn1Y2 (at%) alloys were prepared by equal channel angular pressing (ECAP) of mechanical
alloyed (MA) powder under an oxygen gas atmosphere. The 20-h-MA powder had a particle size of
28 μm and a crystallite size of 36 nm. During the MA process followed by ECAP, an Mg matrix with
dispersed Y2O3 (and MgO) particles was formed. The alloy processed by ECAP exhibited a hardness
of 110 HV and a compressive strength of 185 MPa. Compared to pure Mg, the increased hardness
was due to the dispersion strengthening of Y2O3 and MgO particles and solution strengthening of Zn
and Y.

Keywords: powder metallurgy; mechanical alloying; equal channel angular pressing;
dispersion strengthening

1. Introduction

Research into light-weight materials is essential to improve fuel efficiency and achieve the goal
of energy saving. As one of the most important light-weight structural materials in automotive,
aerospace and biomaterial industries, magnesium alloys have drawn much attention because of its high
specific strength to weight ratio and recyclability [1–4]. However, the conventional AZ (Mg-Al-Zn)
and AM (Mg-Al-Mn) series of Mg alloys will not meet the expanded requirements for load-bearing
components [5]. As a result, it is necessary to develop high-performance Mg alloys that will satisfy the
extended industrial applications. In recent years, studies have shown that WZ (Mg-Zn-Y) series Mg
alloy, which has a long period stacking ordered (LPSO) phase, can improve the mechanical properties
of the Mg alloys. As for the fabrication of WZ series alloys, it can be performed by applying the powder
metallurgy (P/M) route, which combines powder preparation and consolidation of powders. Mg alloy
powders can be produced by rapid solidification such as melt spinning and gas atomization while the
consolidation of the alloy powders can be performed by severe plastic deformation (SPD) including hot
extrusion and high-pressure torsion (HPT) [6]. Mg97Zn1Y2 (at%) alloys were fabricated by a rapidly
solidified powder metallurgy (RS/PM) method [7,8]. The bulk alloy prepared by warm extrusion of
gas-atomized Mg97Zn1Y2 powders exhibited an interesting tensile strength of 610 MPa and modest
elongation of 5% in comparison to those of AZ and ZK series Mg alloys prepared by casting. The high
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strength was attributed to the presence of the LPSO phase as well as the fine Mg matrix with a grain
size of 100–200 nm.

Enhancement of the strength of Mg alloys was also achieved by oxide-dispersion strengthening.
Lee et al. reported the compaction of pure Mg powders using equal channel angular pressing (ECAP) [9].
It was observed that MgO was formed during the consolidation process. The sample after four passes
of ECAP at 300 ◦C showed the highest ultimate compressive strength of 193 MPa. The enhanced
strength was the result of fine and uniformly-distributed MgO particles. Inspired by the formation of
oxide during the compaction process, simultaneous compaction of Mg alloys and oxide dispersion
processes was proposed in the present study although the source of oxygen might be from an oxygen
gas in the reaction chamber rather than from the oxidizer in the starting materials for an internal
oxidation process [10–12]. By introducing oxygen during the compaction process and using an alloying
element with a higher oxygen affinity than that of Mg, oxide particles could be formed. The key to
the successful internal oxidation of Mg-based alloys is the distribution of oxide. If the oxide could be
distributed uniformly in the Mg-matrix rather than agglomerated at the grain boundary region after
the compaction, the mechanical property could be enhanced by dispersion strengthening [13].

In addition to direct extrusion of P/M powders, the bulk alloy can be produced by equal channel
angular pressing (ECAP) of mechanically-alloyed (MA) powders. Mechanical alloying is a solid-state
powder processing technique, in which the welding, fracturing and rewelding of powders are repeated
in a ball mill machine to synthesize an alloy [14]. Through the MA process, powders containing
super-saturated solid solution, non-equilibrium phase, as well as ultrafine or even monocrystalline
grain have been obtained. Zhou et al. synthesized nanocrystalline AZ31-Ti composite by cold pressing
of MA powder [15]. After milling for 110 h, a nanocrystalline Mg matrix with a crystallite size of 66
nm was formed. The as-milled AZ31 Mg alloy containing 27 wt% Ti had a hardness of 147 HV, which
was three times higher than that of the as-cast AZ31 Mg alloy. Fabrication of Mg97Zn1Y2 alloy powder
by mechanical alloying of pure Mg, Zn and Y was reported [16]. It was found that peaks of Y and Zn
disappeared after milling for 1 h and peaks belonged to Mg24Y5 were identified after 5 h of milling.
The crystallite size of the Mg phase was 27 nm. The LPSO phase or oxide phase was not formed after
mechanical alloying. The consolidation of the synthesized powder was not reported.

Equal channel angular pressing, one of the severe plastic deformation (SPD) process, was originally
developed to prepare bulk alloys with ultrafine structures. In the initial design, the bulk ingot was
used as a starring material. In order to obtain nanometer grains, it has been suggested that powders
should be used as starting materials. Thus, ECAP processing for the powder was developed. Bulk
alloy or composites have been prepared by consolidating alloy or ceramic reinforced metal matrix
composite powders using ECAP [17–21]. It has been demonstrated that bulk Cu material having a
grain size of less than 100 nm could be prepared by ECAP [22].

In our previous works, Mg97Zn1Y2 alloys have been fabricated by stir-casting [23] and by ECAP
of mechanically-milled powder (as-cast alloy powder was used as the starting material) under an
argon atmosphere [24]. The results showed that the phases existing in the alloy strongly depended
on the processing method. Mg97Zn1Y2 alloy prepared by casting contained α-Mg and Mg12Zn1Y1

(LPSO phase) while α-Mg and Mg24Y5 were formed in the alloy prepared by combination of ECAP
and mechanical milling. Literature reviews revealed that no prior attempts have been made to study
oxide dispersion in Mg-Zn-Y alloy during the ECAP process. It would be interesting to fabricate bulk
Mg-Zn-Y alloy by ECAP of mechanically alloyed powder under an oxygen atmosphere. Accordingly,
a simultaneous compaction of the Mg alloy and oxide dispersion process was proposed. The aim of
the present study was to fabricate bulk Mg97Zn1Y2 alloy by ECAP of as-alloyed powders under an
oxygen gas atmosphere and to provide early insight into the properties of the compacted bulk alloy. In
the present study, elemental Mg, Zn, and Y powders were used as starting materials for mechanical
alloying. Microstructure and mechanical properties of the bulk alloy prepared by ECAP of as-alloyed
powders were studied to investigate the effect of the ECAP route and pass number on the compaction
of powders.
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2. Materials and Methods

Elemental Mg (99.9%, <45 μm), Zn (99.9%, <150 μm) and Y (99.6%, <380 μm) powders were
used as starting materials for preparing Mg97Zn1Y2 (at%) alloy powder by the mechanical alloying
(MA) process. The stoichiometric ratio of Mg, Zn and Y powder was 97: 1: 2. The powder mixture
was milled for 30 h under argon (99.999%) in a planetary ball mill (RETSCH PM100 RETSCH, Haan,
Germany). A rotation speed of 250 rpm and a ball-to-powder ratio of 20 were used. To minimize
oxidation of the powder, all of the powder handling was performed inside a glove box (homemade)
with an argon atmosphere.

For the equal channel angular pressing (ECAP) process, as-milled powders were filled inside a
copper tube and compacted by mechanical force, and sealed with a copper cup under an argon-oxygen
gas mixture. The sealed tubes were then processed by ECAP at 300 ◦C. The deformation routes that can
be applied in an ECAP process are summarized in Table 1. In the present study, two types of pressing
routes including route Bc and route C were selected to investigate the effects of deformation route
on microstructure and mechanical properties of the compacted samples. Details of the experimental
parameters for the ECAP process can be found elsewhere [24]. The samples were labeled according to
their processing route and number of passes. The samples pressed with one pass, two and four pass
using route Bc or C were labeled as 1pass, Bc2, Bc4, C2 and C4, respectively.

Table 1. Four basic routes that can be applied in a ECAP process.

Route Process

A The sample is not rotated.

BA
Rotating the sample around its longitudinal axis by 90◦ clockwise and

counterclockwise alternatively
Bc Rotating the sample around its longitudinal axis after each pass by 90◦ clockwise
C Rotating the sample around its longitudinal axis after each pass by 180◦ clockwise

After the ECAP process, the surrounding Cu tube was removed and density measurements of the
compacted samples were performed. The actual density of the sample (ρa) was measured using the
Archimedes method, while the theoretical density (ρt) was estimated using the rule of mixture. The
porosity (Φ) of the sample was estimated using the following equation [25]:

Φ = 1 − ρa/ρz. (1)

A compression test was performed at room temperature using a universal material testing machine
MTS810 (MTS, Eden Prairie, MN, USA). Samples with a size of 7.5 mm × 5 mm × 5 mm were tested
under a strain rate of 10−3/s. Nickel anti-seize paste was used as a lubricant between the sample surface
and anvil. Vickers microhardness tests were performed using Akashi MVK-H1(Mitutoyo, Kawasaki,
Japan) microhardness tester. The load and the dwell time were 100 g and 15 s, respectively.

Microstructural characterization was conducted with an optical microscope (OM, OLYMPUS,
Tokyo, Japan) and a field-emission scanning electron microscope (FE-SEM) (JEOL JSM-6500F, JEOL,
Tokyo, Japan) equipped with energy dispersive spectroscopy (EDS, Oxford Instrument, Abingdon,
UK). The particle size distribution of the as-milled powders was measured by a laser particle size
analyzer (Malvern Mastersizer 2000, Malvern Panalytical, Malvern, UK). Phase analysis was performed
by X-ray diffraction (XRD) (D2 PHASER, Bruker, Madison, WI, USA) using Cu Kα radiation. The
scan range was from 20◦ to 90◦ and the data were collected with a step size of 0.02◦ and time of 0.5 s.
The crystallite size of Mg was calculated from the broadening of the respective XRD peaks. Since the
peak broadening is influenced by the crystallite size and microstrain, it is necessary to separate these

29



Metals 2020, 10, 679

two contributions. The separation of crystallite size and strain was obtained from Cauchy/Gaussian
approximation using the following equation [26]:

δ2(2θ)/tan2 θ = (kλ/L)(δ(2θ)/tan θ·sin θ) + 16e2 (2)

δ(2θ) = B(1 − b2/B2) (3)

where L is the mean crystallite size, k is constant (~1) and e is microstrain. λ is the wavelength and θ is
the position of the analyzed peak maximum. The term δ(2θ) is used to correct instrumental broadening.
B and b are the breadths of the XRD peaks of the sample and the reference, respectively.

3. Results and Discussion

3.1. Microstructural Characterization

3.1.1. Mechanically-Alloyed Mg-Zn-Y Powders

SEM micrographs of Mg97Zn1Y2 powders after mechanical alloying for 1, 10, 20 and 30 h are
shown in Figure 1. As shown in the figure, the particle size of the powder decreased continuously
when the milling time increased from 1 h to 20 h. After 20 h of milling, an increase of particle size
was observed due to the agglomeration between powder particles. The same trend of the evolution of
particle size was also obtained by measurement using a particle size analyzer (Figure 2). The particle
size of the milled powder decreased from 100 μm to 28 μm when the milling time increased from 1 h
to 20 h and then increased to 50 μm when the milling time reached 30 h. XRD-calculated crystallite
sizes of Mg decreased from 59 nm to 36 nm when the milling time increased from 1 h to 20 h and then
remained almost unchanged when the milling time reached 30 h. The evolution of particle size and
crystallite size implied that fracturing and welding of the powders in the milling process had reached
equilibrium after milling for 20 h. Thus, the 20-h-milled powder was selected for further compacting
by the ECAP process.

XRD analysis was performed to investigate phase evolution during the mechanical alloying
process. As shown in Figure 3a, intensities of Mg peaks decreased and became broad with the increase
of milling time, indicating the refinement of the crystallite size of the Mg phase. In addition, Mg peaks
gradually shifted to a higher diffraction angle. This indicated the lattice parameters of Mg decreased
with the increase of milling time, which was confirmed by the calculated lattice parameters of Mg
in the MA specimens (Table 2). The dissolution of Zn in Mg will increase the lattice parameters of
Mg, while the dissolution of Y will do the opposite. The intensity of the Zn peak decreased as milling
time increased, and the Zn peak disappeared after milling for 20 h. In contrast, the Y peak was still
observed after milling for 20 h. The results of the XRD analysis indicated that most of Zn dissolved
in Mg and only a small portion of Y dissolved after milling for 20 h. The dissolution of Zn was the
main factor that resulted in a decrease of the lattice parameters of Mg. The formation of Y2O3 was
observed after milling for 1 h. After milling for 20 h, peaks belonged to α-Mg, Y and Y2O3 phases were
observed. No Mg-Zn-Y, Mg-Y or Mg-Zn intermetallic phases were detected after milling for 20 h. In
contrast to the formation of Mg24Y5 after milling of a mixture of Mg, Zn and Y powder for 5 h in a
SPEX mill, which was reported by Koch et al. [16], no Mg-Y intermetallic phases were synthesized in
the milled powder in the present work. This was due to the reason that the planetary mill used in the
present study had lower mechanical energy than that of the SPEX mill.
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Figure 1. Morphology of powder mixture after mechanical alloying for (a) 1 h, (b) 10 h, (c) 20 h and
(d) 30 h.

Figure 2. Evolution of particle size and crystallite size as a function of milling time.
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Figure 3. XRD patterns of (a) Mg97Zn1Y2 alloy after milling for 1 h, 10 h, and 20 h; (b) pattern taken
from 36◦ to 37◦ showing shifting of (101) Mg peak.

Table 2. Particle size, XRD-calculated crystallite size, lattice parameters and unit cell volume of Mg,
porosity, and a fraction of oxide in the MA powders after different processing time.

Milling Time
(h)

Particle Size
(μm)

Crystallite
Size (nm)

Lattice
Parameter, a

(nm)

Lattice
Parameter, c

(nm)

Unit Cell
Volume

(10−2·nm3)

1 100 59 0.3217 0.5223 4.6811
10 86 47 0.3211 0.5212 4.6528
20 29 36 0.3208 0.5208 4.6430
30 50 32 0.3208 0.5207 4.6417

3.1.2. Mg-Zn-Y Powders Consolidated by ECAP

XRD patterns of Mg97Zn1Y2 powders after compacting with ECAP route Bc or C for one, two and
four passes at 300 ◦C are shown in Figure 4. The pattern of 20-h-milled powder was also included for
comparison. After one pass, strong Mg peaks were still observed. The Y peak, which was found in the
20-h-milled sample, disappeared and the intensity of the Y2O3 peak increased, indicating the oxidation
of retained Y during the ECAP process. The formation of MgO was also observed after one pass. No
shifting of Mg peaks was observed, implying the retained Y did not dissolve in Mg but oxidized to
form Y2O3 during the ECAP process. A further increase in the number of passes or changing ECAP
route to route C did not alter the phases presented in the compacted Mg97Zn1Y2 samples. No phase
transformation occurred when the samples underwent four passes. All of the samples compacted
by ECAP route Bc or C contained α-Mg, Y2O3 and MgO phase. In the present work, the number of
passes and route had no effect on the formation of phases in the consolidated bulk samples. There
was no formation of binary Mg-Y and Mg-Zn or ternary Mg-Zn-Y phases after ECAP. During the MA
process, part of the Y in the powder oxidized and formed Y2O3. In the following ECAP process, the
retained Y reacted with oxygen and the formation of Y2O3 was completed. The results showed that an
Mg alloy with dispersed Y2O3 particles was successfully synthesized during MA and the followed
ECAP process.

32



Metals 2020, 10, 679

Figure 4. XRD patterns of powder after compacting by ECAP route C and Bc for one, two and four
pass. The pattern of the 20-h-milled sample is also included for comparison.

Crystallite size of Mg increased from 36 nm in the 20-h-milled sample to 77 nm in the sample
after one pass of ECAP route Bc and decreased to 64 nm when the number of passes increased to four.
The observation that crystallite growth after one pass of ECAP at 300 ◦C and refinement after four
passes agreed with the reported results that the ECAP process was able to refine the grain size when
the number of passes increased [27]. The refinement of crystallite size was not observed in the samples
processed with ECAP route C. The refinement seemed to be impeded by the oxide layer in the outer
region of the sample.

Microstructures of the Mg97Zn1Y2 powder samples consolidated by ECAP route Bc are shown in
Figure 5. The one-pass sample consisted of three zones. EDS analysis results indicated that matrix
(zone 1) was an Mg-rich phase (99.75 at% Mg, 0.24 at% Zn and 0.01 at% Y). In comparison to the
matrix, dispersed particle (zone 2) was richer in Y and O (42.07 at% Mg, 31.12 at% Y and 26.81 at% O).
A grey layer presented on the particle surfaces (zone 3) was an Mg-rich and O-rich phase (64.08 at%
Mg and 35.93 at% O). Combining the results from the XRD and EDS analyses, it was concluded that the
one-pass sample consisted of α-Mg (a solid solution containing a small amount of Zn and Y), dispersed
Y2O3 particles and an MgO layer presented on the particle surfaces. After two passes, particles richer
in Mg and O were identified in the Mg-matrix, indicating the oxide layer on the particle surface had
been broken into particles. ECAP effectively broke down the MgO layer into small particles during the
process. Compared to the two-pass sample, the composition of these three zones remained almost
unchanged after four passes. This indicated that no phase transformation occurred after four passes.
Porosities were also observed. The porosity of the one-pass, two-pass and four-pass samples was 9.7%,
7.6%, and 4.3%, respectively. The powder could be compacted more densely by the Bc route with the
increasing number of passes.
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Figure 5. SEM micrograph of powder after compacting by ECAP route Bc for (a) one pass, (b) two
passes and (c) four passes.

Figure 6a,b shows the microstructures of the powder samples pressed by route C for two and four
passes, respectively. Similar to the powder compacted by route Bc, the samples pressed by route C
also contained α-Mg, MgO and Y2O3 phases. However, the distribution of MgO was different in the
inner and outer region in samples processed by route C. For the samples pressed by route C, MgO
presented as dispersed particles in the α-Mg matrix in the inner portion of the sample (Figure 6a,b),
while MgO was shown as a layer between Mg particles in the outer portion of the sample (Figure 6c).
A clear boundary between the inner and outer zone could be observed (Figure 6d). The particles in the
inner zone were compacted more effectively than those in the outer zone since the oxide layer has been
broken into particles. The sample compacted by route C for four passes had a porosity of 8.1% while
the sample compacted by route Bc for four passes had a porosity of 4.3%. The porosity of the sample
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pressed by route C was higher than that of the sample compacted by route Bc. No binary Mg-Zn, Mg-Y
or ternary Mg-Zn-Y phases have been formed after the ECAP process.

 
Figure 6. SEM micrograph of powder after compacting by ECAP route C for (a) two passes and (b)
four passes; (c) outer zone of powder compacted by ECAP route C and (d) interface for interior and
outer zone.

Shearing characteristics in an ECAP process can be discussed with shear patterns in three
orthogonal planes of observation. The plane X was the mutually orthogonal plane of sectioning lying
perpendicular to the longitudinal axis of the sample, while planes Y and Z were planes parallel either
to the side faces or to the top face of the sample at the point of exit from the die, respectively [28].
Samples pressed using route C had deformation in the X and Y planes but no deformation in the Z
plane. Samples compacted by route Bc had continuous deformation in three planes. Moreover, the
strain path got reversed in the successive passes, enabling the easy formation of shear bands [29].
Thus, the samples pressed by route Bc had a higher compacting efficiency and lower porosity. The
nonuniform distribution of shear force in the Z plane resulted in different morphology of MgO in the
inner and outer region in the sample pressed by ECAP route C.

The fraction of oxide in the compacted samples was between 12.1% and 13.2% (Table 3), indicating
the number of passes and type of route had no effect on the fraction of oxide. Most of the oxidation
was completed after one pass of ECAP. No refinement of the crystallite size of Mg was observed in the
present work. The porosity of the sample compacted by route Bc decreased from 9.7% after one pass to
4.3% after four passes (Table 3).

Table 3. XRD-calculated crystallite size of Mg, porosity and fraction of oxide in the ECAPed samples.

Route and Pass Crystallite Size (nm) Porosity (%) Fraction of Oxide (%)

1 Pass 77 9.7 12.4
Bc 2 67 7.6 13.2
Bc 4 64 4.3 12.0
C2 73 9.2 12.1
C4 73 8.1 13.4
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In the present work, the synthesis of Y2O3 reinforced Mg alloys during the MA and the subsequent
ECAP process was achieved. The possible oxidation reactions and calculated Gibbs free energy of the
reactions in a system with Mg, Y and O were as follows [30]:

2Mg + O2 → 2MgO, ΔG = −1347 kJ/mol (4)

4Y + 3O2 → 2Y2O3, ΔG = −4279 kJ/mol (5)

2Y + 3MgO→ 3Mg + Y2O3, ΔG = −99 kJ/mol. (6)

According to Reactions (4) and (5), the formation motivation of Y2O3 was quite higher than that
of MgO. Thus, the oxidation of Y in the Mg matrix was possible during the MA and the subsequent
ECAP process. It was also possible that Y2O3 formed via Reaction (6) during the process.

3.2. Mechanical Properties

Table 4 lists Vickers microhardness of Mg97Zn1Y2 powder compacted by ECAP route Bc or C at
300 ◦C. The Vickers hardness was in the range of 100 to 110 Hv. The type of route and number of
passes did not show a strong effect on the hardness of compacted samples. Pure Mg powder after
compacting at 300 ◦C by ECAP using route Bc for four times exhibited a hardness of 49 Hv [9]. As-cast
Mg97Zn1Y2 had a hardness of ~80 Hv [24]. As shown in Table 4, hardness values of the Mg97Zn1Y2

powders compacted by ECAP at the present work were higher than those of compacted Mg powder
and as-cast Mg97Zn1Y2 ingot. The increase of hardness was due to the solid solution of Zn and Y, and
the dispersion of oxides; the latter was the dominant factor.

Table 4. Vickers hardness, compressive strength and failure strain of ECAPed samples.

Route and Pass Hardness (HV) Compressive Strength (MPa) Failure Strain (%)

1 Pass 101 67 8
Bc 2 101 90 3
Bc 4 110 185 4
C2 103 60 6
C4 100 44 1

The results of compressive tests for Mg97Zn1Y2 compacted by ECAP route Bc and C for one, two,
and four passes at 300 ◦C are summarized in Table 4. After one pass, the ultimate compressive strength
(UCS) of the compacted sample reached 67 MPa and failure strain was 8%. After two passes of route
Bc, UCS increased to 90 MPa, and failure strain decreased to 3%. A further increase in the pass number
to four passes resulted in an increase in UCS (185 MPa). In contrast, UCS and failure strain of the
sample after two passes of route C remained close to those of the one-pass sample. Moreover, those
values even decreased after four passes of route C. UCS of the four-pass sample was lower than that of
the pure Mg sample (190 MPa).

The strength of the compacted samples could be affected by the grain size of the matrix, particle
size and fraction of dispersed phase, and porosity. In the present study, the fraction and size of the
oxide phase remained almost unchanged for the compacted samples produced by ECAP routes C and
Bc for one, two and four passes (Table 3). Therefore, they were not the dominant factors affecting the
mechanical properties of the compacted samples. The XRD-calculated crystallite size and porosity
decreased with the increasing number of passes in samples processed with route Bc. However, they
remained almost the same in samples processed with route C. The sample pressed with route Bc for
four passes possessed both of the finest crystallite size and the lowest porosity. Thus, the UCS of the
sample after four ECAP passes with route Bc was enhanced but the failure strain was sacrificed as
compared to the one-pass sample. Moreover, the distribution of the oxide (MgO) layer at the outer
region of samples processed with route C also resulted in a lower UCS than those of samples compacted
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with route Bc. Unlike the dispersed oxide particles in the inner portion of the sample, these oxide
layers lowered the bonding of the powders.

Compared to the UCS of compacted Mg samples reported by Lee et al. using the same ECAP
parameters [9], the UCS of the samples in the present work was not enhanced even with the dispersion
of Y2O3. This was due to the higher amount of porosity in the present work (4.3% in the present work
in comparison to 1.6% in the pure Mg sample [9]). However, the hardness value was higher than that
of the pure Mg sample. The reason was that Vickers hardness was measured in a small area with a
minimal effect of porosity. On the other hand, the results obtained from the compression test were
affected strongly by the presence of porosity.

Feasibility of simultaneous synthesis of dispersed Y2O3 particles and compaction of Mg alloy
powders during MA and followed ECAP process was confirmed in the present study. However, the
processing parameters needed to be optimized to improve the mechanical properties of the compacted
Mg alloy samples in future work. Mallick et al. studied the deformation behavior of Mg-2vol.%Y2O3

nanocomposite [31]. The composite was fabricated using the powder metallurgy (PM) method,
including powder blending of pure Mg and Y2O3 powder (particle size of 30–50 nm), cold compaction,
sintering and hot extrusion. The extruded sample had a strength of 291 MPa, which was higher than
ours. In addition to decreasing the high porosity, the particle size of Y2O3 should be reduced and the
fraction of Y2O3 needs to be optimized to improve the strength of the compacted samples.

4. Conclusions

In the present study, a bulk Mg97Zn1Y2 alloy reinforced by Y2O3 particles was prepared by
simultaneous synthesizing Y2O3 particles and compacting mechanically-alloyed powders using equal
channel angular pressing. The main conclusions can be summarized as follows:

1. The Mg97Zn1Y2 alloy powder after mechanical alloying for 20 h consisted of α-Mg, Y and Y2O3

phases. The ECAP-compacted bulk alloy contained the α-Mg matrix, uniformly dispersed Y2O3

and MgO phase.
2. The powder compacted with ECAP route Bc for four passes exhibited a hardness of 110 HV and

an ultimate compressive strength of 185 MPa. The hardness was higher than those of as-cast
Mg97Zn1Y2 alloy and compacted Mg; however, the UCS was lower.

3. The improved hardness observed in the ECAP-compacted alloy was mainly attributed to the
dispersion hardening of Y2O3 particles. The decrease in ultimate compressive strength was due
to the higher amount of porosity in the ECAP-compacted alloy.
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Abstract: Commonly adopted main methods aimed to improve the strength–toughness combination
of high strength aluminum alloys are based on a standard process. Such a process includes alloy
solution heat treatment, water-quench and reheating at controlled temperature for ageing holding
times. Some alloys request an intermediate cold working hardening step before ageing for an optimum
strength result. Recently a warm working step has been proposed and applied. This replaces the
cold working after solution treatment and quenching and before the final ageing treatment. Such an
alternative process proved to be very effective in improving strength–toughness behavior of 7XXX
aluminum alloys. In this paper the precipitation state following this promising process is analyzed and
compared to that of the standard route. The results put in evidence the differences in nanoprecipitation
densities that are claimed to be responsible for strength and toughness improved properties.

Keywords: AA7050 alloy; warm working; toughness

1. Introduction

Lightweight metals and alloys represented for many years the most suitable solution for many
high-tech applications, including sport equipment [1], energy and automotive [2]. Aerospace
has probably been the sector where most of the potential of aluminum and titanium resides.
Among lightweight metals, aluminum alloy are gaining huge industrial significance because of
their outstanding combination of mechanical, physical and tribological properties [3]. Following such
behavior, they appear to be the best candidates for structural aerospace designers if compared with
other alloys [4–6]. The origin of their peculiar behavior, depending on different alloying strategies and
processes, has been investigated by many researchers in the past years [7,8].

Alloying elements are selected based on their individual properties as they impact on
microstructure and performance characteristics. In this framework, the effects of the main alloying
elements in aluminum alloys have been reported in detail by Mondolfo in [9]; Sauvage et al. [10] report
about the influence of Cu in hardening behavior of ultrafine-grained Al-Mg-Si alloys.

Among aluminum alloys, AA7050 is one of the best performing taking into account the good
balance of high strength, corrosion resistance and toughness, making it largely adopted in aerospace
applications [11,12]. Such properties are achieved by recrystallization phenomena during and after hot
forming processes [13–16]. Wang et al. recently reported about a physically based constitutive analysis
and microstructural evolution investigation in AA7050 aluminum alloy during hot compression [17].
Maizza et al. proposed a recrystallization model for aluminum alloys [18] to be applied to components
with complex geometric shape, often manufactured by closed-die forging followed by alloy solution
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heat treatment followed by water-quench and reheating at controlled temperature for ageing holding
times. MacKenzie reports in detail about heat treatment effect aluminum forged components [19].

AMS 4333 International Standard prescribes for such alloys an intermediate cold deformation
step (max 5% of cold upsetting) between the water quench, after solution treatment and before the
two-stage ageing final step, aimed to reach the optimal precipitate distribution and guarantee the best
mechanical properties [20]. One alternative process has been originally proposed by Wyss in the United
States Patent US5194102A [21], reporting about the beneficial effect on fracture toughness exerted by
an intermediate warm hardening process replacing the cold upsetting step. Such a route has been
proved to be successful in 7xxx alloys leading to an improvement in toughness behavior without any
detrimental effects in terms of hardness and tensile properties [22]. Moreover, such a process reduces
the microstructural heterogeneity by grain refining [23]. As a matter of fact, dislocation cross-slip
occurring during deformation in this temperature range allows a general grain reorientation and the
sub-boundaries present inside the grains tend to evolve towards high-angle boundaries: the higher the
deformation temperature, the easier the process [24]. The process, reported in many papers [25–27],
is defined by some authors as continuous dynamic recrystallization (CDR). Other phenomena, such us
strain hardening [28,29] and recovery [30], depend on dislocation structure evolution and on its
interaction with other crystallographic defects. Cross-slip is recognized as an effective mechanism
because it allows dislocations to bypass obstacles and affects the material’s final microstructure [31].

In this paper the precipitation state of three different process routes (one standard) are analyzed
in correlation with toughness behavior.

2. Materials and Experimental Details

The AA7025 alloy nominal chemical composition is reported in Table 1.

Table 1. Nominal chemical composition of the AA7050 alloy (wt %).

Elements Al Zr Si Fe Cu Mn Mg Cr Zn Ti

wt (%) Bal. 0.12 <0.12 <0.15 2.3 <0.1 2.2 <0.04 6.25 <0.05

Three families of squared 10 cm × 6 cm × 3 cm samples (namely family A, (samples A1, A2 and
A3), family B (samples B1, B2 and B3) and family C (samples C1, C2 and C3)) were machined starting
from a round bar, with a starting diameter D = 120 mm. The bar was hot forged at T > 400 ◦C with
75% total deformation. The heat treatment was adopted in agreement with the requirements from the
standard AMS2770N specification since the fulfillment of this standard is mandatory for AA7050 alloy
aeronautical forged component manufacturers. The process was completed with room temperature
upsetting and final two stages aging at 5 h at 394 K + 8 h at 450 K (specimens A). The two innovative
cycles (specimens B and C) just varied from AMS2770N specification requirements in terms of upsetting
temperature: in fact, they were carried out at 423 K and 473 K instead of room temperature, while all
the other cycle steps were unmodified (Table 2). The two temperatures are close and straddling the
second ageing step temperature (T = 450 K). Moreover, in the literature [21] it is shown that upsetting
temperatures higher than 473 K can affect hardness values.

Table 2. Modified heat treatment cycles for the AA7050 alloy.

Sample
Family

Solution Heat
Treatment

T = 748 K for 5 h

Water
Quenching

Upsetting Temperature
(Deformation Max 5%)

First Ageing Step:
394 K for 5 h

Second
Ageing Step:
450 K for 8 h

A (1–3) YES YES 293 K YES YES
B (1–3) YES YES 423 K YES YES
C (1–3) YES YES 473 K YES YES
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All samples were subjected to solution heat treatment at T = 748 K for 5 h, water quenching,
5% warm deformation and ageing. The process conditions differ on the upsetting temperature,
according to Table 2. A1, A2 and A3 specimens were deformed at room temperature; samples B1,
B2 and B3 at 423 K and samples; C1, C2 and C3 at 473 K. After heat treatment transverse specimens
(in agreement with ASTM-E399) were machined and tested for plain strain fracture toughness (KIC)
tests on the transverse specimens (according to the ASTM E399 standard). Samples machined starting
from the three families A, B and C were prepared for metallographic examination. Grain size was
measured by light microscopy (LM) according to the ASTM E112 specification. Precipitation state
analysis was performed with a field emission gun scanning electron microscope (FEG-SEM; SEM FEG
LEO 1550 ZEISS equipped with an EDS OXFORD X ACT system, (version v2.2, Oxford Instruments
NanoAnalysis & Asylum Research, Abingdon, UK). Ten micrographs have been examined for each
sample in order to establish a statistical base for the quantitative precipitates’ analysis. Precipitates
number counting has been performed by means of IMAGE-J Fiji, (version 1.46, National Institutes of
Health, Bethesda, MD, USA), a software for the automatic images processing and analyses program.

An example of SEM FEG image prepared for precipitation number count by mean of IMAGE-J
Fiji 1.46 software is reported in Figure 1.

 
Figure 1. Example of the SEM-FEG high magnification (100 KX) image in sample A.

3. Results and Discussion

Microstructural investigation highlighted an actual grain size (Dg) refinement with the increasing
upsetting temperature (Figure 2). At the same time, mechanical assessment results (as reported in detail
in [22,23] and summarized in Table 3 with the results of averaged grain size) show that, even if hardness
and yield strength showed a slight increase, KIC performance showed a not negligible improvement.
As a matter of fact, the innovative process with upsetting at T = 473 K led to an enhancement of about
10% in fracture toughness KIC in comparison to the process cycle carried on in agreement with the
AMS2770N specification.

It can be observed that both hardness and tensile mechanical properties increased following
the additional upsetting temperature. This suggests that a significant change in fine precipitation
occurred, mainly formed from Guiner Preston zones [32,33], acting in terms of grain refinement.
Such investigation, aimed to support the mechanism underlying the grain refinement with warm
upsetting temperature increase, was not previously carried out, and it is discussed below.
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(a) (b) 

Figure 2. Warm upsetting temperature effect on the AA7050 alloy microstructure. (a) Warm
upsetting temperature = 293 K, average Dg = 10.1 μm and (b) warm upsetting temperature = 473 K,
average Dg = 7.5 μm (SEM-FEG images at 20 KX magnification).

Table 3. Mechanical properties and mean grain size dependence on warm upsetting temperature in
Alloy AA7050.

Sample
Warm

Upsetting
Temperature

Brinell
Hardness, HB

Yield Strength,
YS (MPa)

KIC

Mean Value
(MPa m1/2)

Average Grain Size
(Dg Microns)

Sample A (three tests) 293 K 145 450 26.8 10.1
Sample B (three tests) 423 K 147 455 28.3 8.6
Sample C (three tests) 473 K 152 470 30.1 7.5

In order to measure the possible evolution of the overall precipitation status, digital image analysis
was performed by setting a Feret diameter threshold of 10 nm. As an example SEM-FEG images of
specimens A, B and C are reported in Figure 3.

The scanning electronic microscope SEM-FEG examination of the A, B and C specimens allowed
us to have evidence of the following precipitate groups with respect to the size:

• Larger particles at the grain and subgrain boundaries (size ranging = 100–500 nm);
• Fine particles inside grains subgrains (size ranging = 20–100 nm);
• Very fine particles inside grains subgrains (size ranging ≤ 20 nm).

(a) (b) 

Figure 3. Cont.
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(c) 

Figure 3. Warm upsetting temperature effect on the precipitation state of the AA7050 alloy. (a) Specimen
A (upsetting at T = 293 K); (b) specimen B (upsetting at T = 423 K) and (c) specimen C (upsetting at
T = 473 K; SEM-FEG images at 50 KX magnification).

In order to carry out an accurate precipitation population assessment, SEM-FEG images at 50 KX
and 100 KX were selected. It must be reported that it was possible to detect some larger and isolated
particles up to 5 μm at grain boundaries, which revealed to be very useful for the chemical analyses [22].

The number of detected precipitates as a function of intermediate upsetting temperature is
reported in Figure 4, grouped for different precipitate size ranges.

 

Figure 4. Mean values of precipitates number grouped in size classes (sample A: intermediate upsetting
temperature = 293 K; sample B: intermediate upsetting temperature = 423 K; sample C intermediate
upsetting temperature = 473 K).

Figure 4 clearly shows that the mean number of precipitates increased, and the intermediate
upsetting deformation temperature increased, in the temperature range from 293 to 473 K.

In particular, the mean precipitates number as measured after upsetting at room temperature was
very similar to the measured one after warm deformation at 423 K.
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An evident increase of the finest precipitates (<20 nm) number was found after upsetting at
473 K. Moreover, the increase in upsetting temperature did not appear to affect the largest precipitates.
This observation is in agreement with the detected improved toughness and yield strength behavior.

The above results suggest that the appearance of a fine and homogeneous precipitation state
will act as a pinning effect at grain boundaries, according to the Zener effect [34]: this will favor a
grain refinement down to 7.5 μm after upsetting at 473 K, as reported in Table 2. Such an effect will
allow an increase in terms of tensile yield strength together with an improvement in terms of fracture
propagation resistance according to the Griffith model [35]. Such a model dictates that the critical stage
for cracking is the propagation of a small crack originated in a single grain to the adjacent one and is
therefore opposed by grain refinement.

4. Conclusions

Results related to the AA 7050 alloy after a modified process route including a warm deformation
stage show that:

• The AA7050 alloy precipitation state was very sensitive to heat treatments and especially to the
intermediate deformation step included in the heat treatment cycle;

• The warm deformation temperature of 473 K resulted in the highest nanosized particles
precipitation, resulting in increased deformation induced precipitation phenomenon;

• The higher nanosized mean value of precipitations obtained with warm intermediate upsetting
steps claimed to be responsible of a grain refinement effect;

• The finer and more homogeneous microstructure resulted in a toughness KIC properties
improvement with respect to those obtained with room temperature intermediate upsetting step;

• The mechanism underlying the observed behavior was expected to be explained based on the
Griffith model for crack propagation, stating that grain boundaries density increased, following a
pinning effect. This phenomenon was favored by the presence of fine precipitates and will oppose
crack propagation thus improving fracture toughness behavior.
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Abstract: The reactions between nickel and germanium are investigated by the incorporation of a
titanium interlayer on germanium (100) substrate. Under microwave annealing (MWA), the nickel
germanide layers are formed from 150 ◦C to 350 ◦C for 360 s in ambient nitrogen atmosphere. It is
found that the best quality nickel germanide is achieved by microwave annealing at 350 ◦C. The
titanium interlayer becomes a titanium cap layer after annealing. Increasing the diffusion of Ni by
MWA and decreasing the diffusion of Ni by Ti are ascribed to induce the uniform formation of nickel
germanide layer at low MWA temperature.

Keywords: microwave annealing; nickel germanide; titanium interlayer

1. Introduction

Germanium (Ge) has attracted a great deal of contemporary interest as a channel
material in high-performance transistors, due to its higher hole and electron mobility than
Si [1–3]. Due to nickel germanide (NixGey) having the advantages of low resistivity, low for-
mation temperature, and the feasibility of self-aligned germination process [4,5], it has been
selected as the most promising contact material for Ge-based Metal-Oxide-Semiconductor
Field-Effect Transistor (MOSFET) devices. However, one major drawback of NixGey is
its rough interface due to polycrystalline grains and agglomeration at high annealing
temperatures (500–550 ◦C). It was reported that the thermal stability of NixGey on bulk Ge
could be improved by pre-germanidation implantation [6], prior-germanidation fluorine
implantation into Ge substrate [7], dopant segregation [8], or introducing other elements,
such as titanium (Ti) [9], platinum (Pt) [10], tungsten (W) [11], tantalum (Ta) [11,12], cobalt
(Co) [13], ytterbium (Yb) [14], and so on.

On the other hand, various annealing methods have been used to prepare NixGey
films, such as rapid thermal annealing (RTA) [15] and laser annealing [16]. However,
these methods have some limitations. Halogen lamp rapid thermal processing technology
has problems such as high thermal budget, uneven heating, and a large residual defect
density. For the laser annealing method, the spot size is small which will take a great deal
of time to cover the entire surface area of a sample. Microwave heating has increasingly
attracted attention in several industrial applications. For example, previous research
has shown that low-temperature microwave annealing may be an alternative to other
rapid thermal processing methods in silicon processing [17–19]. Oghbaei et al. reported
that microwave annealing (MWA) reduces energy consumption, processing time, and
annealing temperature [20]. Hu et al. reported that the formation of low-resistivity nickel
germanosilide (NiSiGe) film via microwave heating occurs at temperatures about 100 ◦C
lower than using RTA [21]. For the Ni/Ge systems, there are few studies which focus on
the Ni–Ge solid-state reaction under MWA. Hsu et al. studied the effects of a Pt interlayer
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on the structural and electrical properties of NixGey through MWA and found the Pt
interlayers played a role during the alloy formation by preventing rapid Ni diffusion [22].
However, the formation of a NixGey layer in the appearance of other metals under MWA
has not been fully investigated.

In this study, we investigated the formation of NixGey layers by Ti incorporation
on a Ge (100) substrate under MWA. It was found that the formation of uniform nickel
germanide layer could be achieved under MWA at 350 ◦C. Most of the Ti atoms moved to
the surface of the NiGe layer after annealing. The mechanism analysis of MWA and the
effects of Ti mediation are discussed in detail.

2. Experimental

Pure Ge(001) substrates were used in this study. The Radio Corporation of America
(RCA) standard clean 1 (SC1), consisting of NH4OH:H2O2:H2O at a 1/2/20 ratio and
temperature of 60 ◦C for 10 min was used to remove the organics, certain metals, and
particles. The RCA standard clean 2 (SC2), consisting of HCl:H2O2:H2O at 1/1/20 ratio
and temperature of 60 ◦C for 10 min is used to remove metallic contamination. In order
to remove germanium oxides on the surface, the Ge substrates were cleaned using a
dilute fluoric acid (1% HF) for 60 s. Then, a 1 nm Ti intermediate layer and a 10 nm
Ni layer were successively deposited on the Ge (100) substrate by using electron beam
evaporation. After the deposition, these wafers were sliced into pieces of 2.0 cm × 2.0 cm.
Then, the samples were annealed in an AXOM-200 (Manufactured by DSG Technologies)
MWA chamber (5.8 GHz) at 150 ◦C, 200 ◦C, 250 ◦C, 300 ◦C, and 350 ◦C for 360 s in an
ambient nitrogen atmosphere. The temperature image after calibration and the error
of each temperature are shown in Appendix A (Figure A1 and Table A1). The MWA
chamber is designed for multi-wafer processing; the vertically stacked wafers are supported
by three quartz rods inside a quartz chamber. The card slot on the quartz column can
satisfy the annealing of several wafers together. The three adjustable quartz columns
make the equipment suitable for 4, 6, and 8 inch wafer annealing. All samples were
located inside the middle of the chamber where the electromagnetic field was uniform.
An infrared pyrometer located at the bottom of the chamber was used to directly monitor
the sample temperature. Different temperatures could be achieved by adjusting the input
power to generate continuous microwave output from 10% to 100% of the maximum rated
microwave power output. To avoid oxidation, the nitrogen flow was maintained until the
annealing process was completed.

The as-prepared NixGey samples were characterized by four-point probe (FPP) mea-
surements for sheet resistance (Rsh), Raman spectroscopy (Raman) for phase formation
identification, transmission electron microscopy (TEM) for morphology and microstructure
observations, and energy dispersive spectrometer (EDS) for elemental mapping and line
scans in NixGey films.

3. Results and Discussion

3.1. Characterization of the NixGey Layers

The influence of MWA on the nickel germanide formed on a Ge substrate was studied
by measuring sheet resistance. The variation of sheet resistance (Rsh) with germanidation
temperature is shown in Figure 1a. At 150 ◦C, the sheet resistance value is very large after
etching, which indicates that Ni has not reacted with Ge. This result could be also confirmed
by the Raman analysis, as shown in Figure 2. The sheet resistance value decreased gradually
after annealed at 200 ◦C, indicating the Ni-rich phase (Ni2Ge or Ni5Ge3) with higher
resistance transition to the Ni mono-nickel germanide phase (NiGe) [23–25]. In addition,
in order to calculate the morphology and roughness of the NixGey layers, AFM roughness
analysis was carried out, as shown in Figure 1b,c. According to the AFM measurements,
it was found that the films were smooth, and the root mean square surface roughness
increased slightly from 1.29 nm to 1.36 nm.
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Figure 1. Sheet resistance of Ni/Ti/Ge samples annealed at various temperatures. (a) AFM surface
morphologies with the scanning area of 5 × 5 μm2 of (b) 250 ◦C, (c) 350 ◦C annealed sample.

Figure 2. Raman spectra of NixGey films formed at various temperatures.

Figure 2 shows the Raman spectra of the as-deposited and annealed samples at
temperatures ranging from 150 to 350 ◦C. For the as-deposited and 150/200 ◦C annealed
samples, no Ni–Ge bond vibrational Raman signal is observed and only the characteristic
peak of Ge–Ge bond vibration is shown at 300 cm−1, which indicates that no NixGey phase
is formed at these temperatures. After annealing from 250–350 ◦C, three main Raman peaks
are found to be approximately located at 140 cm−1, 194 cm−1 and 217 cm−1, which could
be attributed to the NiGe phase [26,27].

In order to further study the structures of germanide layer, the images of high-angle
annular dark field scanning TEM (HAADF-STEM) and EDS mappings of the stacking
structure are shown in Figure 3, respectively. At 250 ◦C, there are some grains in the
germanide layer, which induced non-uniform Ni element distribution. In addition, it was
found that there was some un-reacted Ni on the surface of the germanide layer. It shows
that after annealing at 250 ◦C, Ni had not completely reacted with Ge. After annealing at
a relative higher temperature 350 ◦C, we noticed that there was a clear interface between
the Ge substrate and the germanide layer. The NiGe/Ge interface was ideal, and NiGe
layer was very smooth without grains. Moreover, as shown in the EDS mapping, for the
region which the Ni and Ge mixed, a significant Ni distribution indicates the formation of
a nickel germanide layer. It can be seen from the image that the Ti atoms have diffused
into the sample surface, which changed from the interlayer to the surface coating of the
sample. Compared with the sample annealing at 250 ◦C, the titanium layer on the surface
is smoother, which indicates that the film has good uniformity after annealing at 350 ◦C.
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Figure 3. HAADF-STEM and EDS mapping images of the nickel germanide film layer at various temperatures: (a) 250 ◦C,
(b) 350 ◦C.

Figure 4 shows the high-resolution TEM (HRTEM) images of Ni/Ti/Ge samples
after MWA at 350 ◦C. It was found that the NiGe layer was continuous and uniform.
The enlarged view shows the NiGe lattice interface image had a good polycrystalline
structure and its thickness was about 20 nm. Relative uniformity of the NiGe film and a
distinct interface between the NiGe and Ge could be observed. Combining the results of
Figures 3b and 5b, we believe that a uniform NiGe layer can be obtained under MWA at
350 ◦C.

 

Figure 4. HRTEM images of NiGe films annealed at 350 ◦C.

For NixGey films formed with MWA at 250 ◦C and 350 ◦C, the EDS measurement
depth profiles for different elements are displayed in Figure 5a,b, respectively. We found
that Ti atoms were mainly located in the surface area of the NixGey film when Ni reacted
with Ge to form germanide, which is consistent with our previous reports [28]. The EDS
line profiles suggest that in the region where the Ni and Ge mixed, the 20 nm nickel
germanide layer was formed, which is consistent with the HRTEM results, as shown in
Figure 4. For the MWA sample at 250 ◦C, a nickel peak appeared on the surface of the
sample and the signal distribution of Ni and Ge in the middle part was uneven, indicated
that some Ni-rich phases were formed (see Figure 5a). However, for the 350 ◦C MWA
sample, as shown in Figure 5b, the Ni and Ge intensity was uniformly distributed, which
confirmed that the formation of the mono-germanide phase (NiGe).

3.2. Mechanism Analysis of MWA

For NiGe formed on Ge, we suspect that dielectric loss and conductivity loss are two
possible properties responsible for the microwave losses during microwave annealing [21].
For the dielectric loss, it is caused not only by the lattice vibrational modes, but also by
impurities, second phases, pores, lattice defects, grain boundaries, and grain morphol-
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ogy [29]. The point defects generated in Ni–Ge interactions and the grain boundaries of
polycrystalline NiGe grains could affect the dielectric loss under MWA. For the conductiv-
ity loss, the layers stacked in our samples Ni/Ti/Ge are expected to be heated differently,
because the loss factor of different materials determines its absorption of the propagating
electric field. According to Ampere’s and Faraday’s laws [30], the effectiveness of electro-
magnetic field penetration depends on a parameter referred to as the skin depth. With
the increase in conductivity, skin depth decreases, and heating can occur in the skin depth
layer [31]. Due to the conductivity of Ni (1.46 × 107 s/m) being much greater than that
of Ge (2 s/m) [32], the temperature of the Ni layer is higher than the Ge substrate under
microwave heating. The high temperature of the Ni layer will also lead to the enhancement
of the Ni diffusion rate.

Figure 5. EDS profiles of Ni, Ge, and Ti from the NixGey layer annealed at (a) 250 ◦C, (b) 350 ◦C. The inset shows the scan
direction of the EDS measurements.

3.3. The Benefits of MWA

Previous research [21] has shown that the local temperature at the substrate front
surface where silicidation occurs is higher for the MWA than RTA samples. A local
temperature difference at the reaction interface is a reason for the dissimilarity between
MWA and RTA. For the RTA process, it is well known that the Ni–Ge reaction starts at
250 ◦C and a Ti thin film reacts on a Ge substrate above 400 ◦C [33]. However, under
MWA, we found that the mono-germanide phase can be formed at 350 ◦C in the Ni/Ti/Ge
system. The contribution of microwave energy to overcome the activation energy (Ea) is an
important factor for NiGe formation, because Ea could be overcome by the combination
of substrate temperature and direct coupling of microwave energy into the lattice [34].
Thus, the mono-NiGe phase formed at lower temperatures, similar to the formation of
low-resistivity NiSiGe film via MWA which occurs at temperatures about 100 ◦C lower
than using RTA [21].

3.4. The Effect of Ti Mediation under MWA

Zhu et al. reported that the Ti interlayer is expelled to the surface and forms a ternary
Ni1−xTixGe phase under RTA 450 ◦C [9]. Under MWA, the 1 nm Ti interlayer is also totally
moved to the surface. However, Ti does not react with Ge in the Ni/Ti/Ge system under
MWA at 350 ◦C, corresponding to the findings that a Ti layer could only react with Ge
substrates above 400 ◦C [33]. The Ti interlayer becomes a perfect cap-layer on the top of
NiGe, which could further “protect” the contact property of NiGe. Moreover, it is reported
that the Pt interlayer plays a role in preventing the rapid diffusion of Ni and forms PtGe(Ni)
and NiGe(Pt) in Ni/Pt/Ge system [22] under the MWA process. The Ti interlayer, like the
Pt interlayers, may act as a diffusion barrier to change the Gibbs energy of the NiGe grains
and reduce the NiGe growth rate. Similar phenomena have also been found in the cases of
Ni/Ti/Si [34], Ni/Ti/SiGe [28] and Ni/Ti/Ge [9] systems.
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Based on the above discussion, we propose that two effects, increasing the diffusion of
Ni-Ge by MWA and decreasing the diffusion of Ni-Ge by Ti, both occur and reach a balance
at some MWA temperatures. However, the detailed mechanisms of Ti on the formation of
NiGe under MWA are still not fully understood and require further investigations.

4. Conclusions

In summary, we have investigated the reactions between Ni and Ge in the appearance
of a Ti interlayer under MWA processed. The variation of sheet resistance, evolution
of surface, and interfacial morphology with different germanidation temperature were
investigated systematically. It was demonstrated that by mediation of the Ti interlayer, a
flat and uniform NiGe layer was formed at 350 ◦C. The Ti atoms were found to segregate at
the surface of NiGe after annealing. It as shown that MWA is a viable alternative method
for the formation of NiGe films at low temperatures. Achieved results in this work could
be a potential precursor for S/D contact technology in state-of-the-art Ge-based devices.
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Appendix A

In our experiment, MWA equipment used an infrared pyrometer to measure the tem-
perature of the sample. However, in the non-contact infrared temperature measurement,
the measured temperature deviated from the actual temperature, so it was necessary to
calibrate the temperature. The temperature image after calibration is shown in Figure A1.
In addition, due to the limitation of the infrared pyrometer (especially for the low tempera-
ture), we provide an error for each temperature, as shown in Table A1.

Figure A1. Annealing temperature curve of the actual sample after calibration.
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Table A1. Temperature deviation in microwave annealing.

Microwave Annealing
Temperature (◦C)

Minimum Temperature (◦C) Maximum Temperature (◦C)

150 130 160

200 173 202

250 233 257

300 277 314

350 342 366
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+385-51-651-496 (M.Č.); Fax: +385-51-651-416 (I.Š.); +385-51-651-490 (M.Č.)

Abstract: This paper investigates the determination of secondary dendrite arm spacing (SDAS) using
convolutional neural networks (CNNs). The aim was to build a Deep Learning (DL) model for
SDAS prediction that has industrially acceptable prediction accuracy. The model was trained on
images of polished samples of high-pressure die-cast alloy EN AC 46000 AlSi9Cu3(Fe), the gravity
die cast alloy EN AC 51400 AlMg5(Si) and the alloy cast as ingots EN AC 42000 AlSi7Mg. Color
images were converted to grayscale to reduce the number of training parameters. It is shown that a
relatively simple CNN structure can predict various SDAS values with very high accuracy, with a R2

value of 91.5%. Additionally, the performance of the model is tested with materials not used during
training; gravity die-cast EN AC 42200 AlSi7Mg0.6 alloy and EN AC 43400 AlSi10Mg(Fe) and EN
AC 47100 Si12Cu1(Fe) high-pressure die-cast alloys. In this task, CNN performed slightly worse, but
still within industrially acceptable standards. Consequently, CNN models can be used to determine
SDAS values with industrially acceptable predictive accuracy.

Keywords: secondary dendrite arm spacing; convolutional neural network; casting microstructure
inspection; deep learning; aluminum alloys

1. Introduction

It is well known that the size of dendrites and the secondary dendrite arm spacing
(SDAS) strongly depend on the solidification rate of a given material [1,2]. In addition,
the chemical composition of the alloys has an additional influence on this structural
characteristic [3]. Moreover, some authors have shown a relationship between mechanical
properties and SDAS [1,4–8]. Properties of fracture mechanics will also depend on chemical
composition, casting defects such as porosity and oxide films [8], and the size and shape
of Si or Fe-rich brittle phases [9]. Most authors show a relationship between SDAS and
ultimate tensile strengths (UTS) and elongation (E), while many authors indicate that SDAS
has no significant effect on yield strength (YS). Moreover, another study indicates that the
hardness of the material depends on SDAS, but cannot be described well enough using
only this relationship [10]. Consequently, it is reasonable to assume that some material
properties can be determined directly from the value of SDAS. Thus, it could be useful to
know the SDAS value of the material. In this regard, an automatic method for determining
SDAS could be a significant advantage.

The scope of artificial intelligence (AI) is more significant in disciplines such as computer
science or electrical engineering than in materials science. However, in the last three decades,
many applications can be found in materials science as well. In general, neural networks, as
a core algorithm of AI, have been applied in materials science as early as 1998 [11]. Singh
et al. estimated the YS and UTS as a function of each of the 108 variables for the steel rolling
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process. An artificial neural network (ANN) with only two hidden units was used. In another
early paper, Hancheng et al. [12] developed a model to predict tensile strength based on
compositions and microstructure by using adaptive neuro-fuzzy inference method. Agrawal
et al. [13] determined the fatigue strength from steel processing parameters with R2 score of
over 97%. Liu et al. [14] determined the Young’s modulus, YS, and magnetostrictive strain
using machine learning techniques (ML). The ML approach reduces the computation time by
an average of 81.62% compared to standard optimization methods. Yang et al. [15] used ANN
with one layer and 8 neurons to predict UTS and E from the heat treatment parameters. Santos
et al. [16] predicted UTS of an automotive iron casting using ANN and K-Nearest Neighbor
method, which outperformed several other methods, with the highest accuracy reaching
85%. Liao et al. [17] constructed ML algorithms to predict macroshrinkage of aluminum
alloys based on their experimental dataset. Additionally, the interested reader is referred
to reference [18], which shows several applications of DL in the field of materials science.
Furthermore, in [18] and references therein, determination of material properties using DL
could be found as well. Herriott and Spear [19] investigate the ability of ML and DL models
to predict microstructure-sensitive mechanical properties in additive manufacturing of metals
(MAM). ML and DL methods accelerated the prediction of microstructure and mechanical
response for MAM.

Given that in recent decades our ability to generate data has far surpassed our ability
to make sense of it in virtually all scientific domains [13], the development of DL methods
could be of particular benefit in materials science. One process that involves a lot of input
data is quality control. Quality control is a fundamental part of many manufacturing
processes, especially casting or welding. Unfortunately, manual quality control procedures
are often time consuming and error prone [20]. Quality control, SDAS in particular, could
also be performed by Light Optical Microscopy (LOM) of polished samples, but SDAS
evaluation still relies on manual measurements. Although there exists research tackling
the problem of SDAS prediction using ANNs [21], SDAS is not predicted directly from
the microstructure image. Instead, the authors predicted SDAS based on processing
parameters: pouring temperature, insulation on the riser and chill specific heat, while the
dataset was based on numerical simulation results. To the best of the authors’ knowledge,
there is currently no literature that determines SDAS directly from the microstructure
image. Following the literature review, this research hypothesizes that SDAS could be
determined directly from the microstructure image data using DL methods.

2. Related Work

The algorithms available for implementing ML can be broadly categorized into the
following types: shallow learning (e.g., vector machine (SVM), decision tree (DT) and ANN)
and DL (e.g., CNN, recurrent neural network (RNN), deep belief network (DBN) and deep
coding network) [22]. Shallow learning algorithms cannot achieve the same accuracy
on different tasks as DL, although they could reduce the computational cost. As shown
in [19,23] CNN performs better than standard (2D) ML models such as Ridge, XGBoost
regression and the like. A transfer learning-based approach to use convolutional deep
networks in [24] is generally superior to all other reconstruction approaches (decision tree,
Gaussian random field, two-point correlation, physical descriptor) for most numerically
evaluated material systems. CNN has also been used for casting defects recognition in [25].
These authors used 640,000 images to train CNN and also Generative Adversarial Network
(GAN) was used to generate even more data. In the present study, image data were used
to predict SDAS using CNNs. It is reiterated that the task of determining SDAS is often
manual and subjective.

Data used in materials science can be obtained from the following sources: Material
properties from experiments and simulations, chemical reaction data, image data and
published data [22]. DeCost et al. [26] applied a deep CNN segmentation model to enable
novel automated microstructure segmentation applications for complex microstructures.
Ferguson et al. [20] proposed a casting defect detection system in X-ray images based
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on the Mask Region-based CNN architecture. The proposed defect detection system
outperforms the state-of-the-art performance for defect detection on GDXray Castings
dataset. Chowdhury et al. [27] created an image-driven machine learning approach to clas-
sify micrographs. In references therein, classification of precipitate shapes in a two-phase
microstructure, the classification of cast iron microstructures and the analysis of precipitate
shapes in nickel-based superalloys could also be found. Azimi et al. [23] use a segmentation-
based approach based on Fully Convolutional Neural Networks (FCNNs), which are an
extension of CNNs, accompanied by a max-voting scheme to classify microstructures.
Exl et al. [28] used an ML-approach to identify the importance of microstructure properties
in causing magnetization reversal in ideally structured large-grained Nd2Fe14B permanent
magnets. The embedded Stoner–Wohlfarth method is used as a reduced-order model to
determine local switching field maps that guide the data-driven learning procedure. They
used datasets consisting of 700 and 800 experiments. Yucel et al. [29] showed relationships
between optical micrographs and mechanical properties (YS, UTS and E) of cold-rolled
high-strength low-alloy steels (HSLA) measured in standardized tensile tests. However,
the models developed in the latter work are only applicable for a constant initial condition
before annealing treatment, i.e., constant composition, constant hot rolling and constant
cold rolling parameters. Li et al. [24] used a transfer learning approach for microstructure
reconstruction and structure-property prediction. Pokuri et al. [30] show a data-driven
approach for mapping microstructure to photovoltaic performance using CNNs. The VGG-
16 CNN-based architecture achieved a test accuracy of up to 96.61%. DeCost et al. [31]
trained an SVM to classify microstructures into one of seven groups with accuracy greater
than 80% with 5-fold cross-validation.

3. Materials and Models

3.1. Aluminum Alloy Samples

In the present study, samples for training were cut and polished from three dif-
ferent materials cast by three different methods: high-pressure die-cast EN AC 46000
AlSi9Cu3(Fe), gravity die-cast EN AC 51400 AlMg5(Si) and EN AC 42000 AlSi7Mg alloy
cast as ingots. The chemical composition of all the alloys used conformed to DIN EN
1706 [32]. The die-cast alloys were supplied in the form of commercial ingots. The ingots
were melted in the gas furnace, then degassed with argon and transferred to the holding
furnace at a temperature of 700 ± 10 ◦C. The melt was then automatically ladled into the
shot sleeve and injected into the die cavity in the case of the AlSi9Cu3(Fe) alloy. Cast
parts were produced using a cold chamber high pressure die casting machine (HPDC)
with an intensification pressure of 800 bar. In the case of AlMg5(Si) alloy, the melt was
ladled directly into the metal die and solidified under gravity conditions. Moreover, in the
case of AlSi7Mg alloy, the melt was poured directly into the ingot die while exact process
parameters and temperatures are not known. It should be noted that the AlMg(Si) and
AlSi9Cu3(Fe) samples were cut from medium sized components between 5 and 10 kg.

Additional samples were obtained to test the prediction accuracy. This dataset con-
sists of three materials with chemical composition according to the DIN EN 1706 [32]
standard: EN AC 42200 AlSi7Mg0.6, EN AC 43400 AlSi10Mg(Fe) and EN AC 47100
AlSi12Cu1(Fe). AlSi7Mg0.6 was cast by gravity die casting technique, while AlSi10Mg(Fe)
and AlSi12Cu1(Fe) alloys were cast by HPDC process. The exact process parameters and
casting history for these materials are not known. Polished samples for this group of
materials were cut from medium sized cast components between 5 and 10 kg.

All specimens were cut using a classic band saw and polished using standard tech-
niques. Images were taken using an Olympus BX51 optical microscope equipped with an
XC30 digital camera.

3.2. Dataset and Image Preprocessing

The dataset is created from a single polished cross section per material. The manually
measured values of SDAS for AlSi9Cu3(Fe), AlSi7Mg and AlMg5(Si) alloys were 6 · 10−3,
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29 · 10−3 and 32 · 10−3 mm, respectively. Manual SDAS measurements were performed
such that the distance between the centers of two secondary dendrite arms was measured
perpendicular to the primary arm, Figure 1. In other words, “Method E” from reference [33],
was adopted here for manual SDAS measurement. The automated technique proposed
here is based on the same SDAS measurement principle. These SDAS values were obtained
at 5× magnification. To obtain more SDAS values for training, additional SDAS values
were derived using different magnifications on the microscope. Thus, the equation for the
derived SDAS values could be obtained with the following expression:

SDAS = S · F, (1)

where SDAS is the physical SDAS value of the alloy, S is the scaled SDAS value used with
the ML algorithm, and F is the factor of magnification. Note that the S values were used
with the ML algorithm instead of the physical SDAS values. Only for magnification of 5×
when F = 1, S = SDAS. The magnification factor for all magnifications used in the present
research is given in Table 1. In addition, the values for the number of pixel per micrometer
at different magnifications and the factor F are given. The procedure is illustrated using
the example of the material AlSi7Mg in Figure 2. For this example, S values of 29 · 10−3

and 55 · 10−3 were obtained for training with the same polished cross-section sample with
relatively constant SDAS values. The S values used for training are shown in Table 2
and Figure 3. It should be noted that S was determined using average measurement
results on a polished cross section and not using Equation (1), i.e., 10 measurements were
taken for each magnification and the average result was selected. The deviations between
the measurements were less than 10% for each sample. It should be emphasized that
a polished cross-section with a relatively constant value of SDAS was chosen, but due
to the randomness of dendrite growth, some minor variations in S values are possible.
Additionally, for the purpose of training, polished cross sections were chosen that contained
defects. The defects could be roughly classified into five groups as shown in Figure 4:
(a), (b)—air and shrinkage porosity defects; (c), (d)—scratches; (e)—blurred image; (c), (f),
(g), (i)—different brightness and contrast of the image; (g), (h)—externally consolidated
crystals (ECS). The presence of defects is beneficial to build the model’s resistance to
industry working conditions, as such defects are often seen in samples. About 10% of the
dataset were images showing materials with some kind of defects. We should reiterate
that images with this type of defect should not be used for SDAS predictions and are for
training purposes only, as explained earlier. Finally, note that the Figures 3 and 4 contain
images as supplied to the neural network. This is the reason for a lower standard of quality
than usual in material science. However, the original higher quality images are available as
supplementary materials to this paper (Figures S1 and S2).

Figure 1. SDAS definition: the distance between two secondary dendrites.

The image dataset for training consists of 200 × 200 pixel images created from the
original 2080 × 1544 pixel images, as shown in Figure 5. The original image was first split
into 70 images with a pixel resolution of 208 × 211, which were then resized to 200 × 200
pixel. The S values and image count used for training, validation and testing are listed in
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Table 2. The training set, validation set and test set were split in the ratio 60:20:20. The data
instances were evenly distributed in terms of S values.

Figure 2. The procedure of deriving different S values using different magnifications on the mi-
croscope: (a) 5× magnification image; (b) 10× magnification image. The scale bar corresponds to
S value.

Figure 3. 200 × 200 pixel images used for training, their derived S values and alloy.

Table 1. Magnification factor F and appropriate pixel per micrometer value.

F Magnification Pixel/10−3 mm

1 5× 1.36
0.5 10× 2.72

0.25 20× 5.44
0.125 40× 10.88

0.1 50× 13.60
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Figure 4. Images of different types of defects used for the training: (a,b)—air and shrinkage porosity
defects; (c,d)—scratches; (e)—blurred image; (c,f,g,i)—different brightness and contrast of the image;
(g,h)—ECS (some images are purportedly of lower quality).

Table 2. Images count per different material and different magnification.

Alloy Magnification S F S-SDAS/F Images Count

AlSi9Cu3(Fe) 5× 6 ×10−3 mm 1 0 1076
AlSi9Cu3(Fe) 10× 13 ×10−3 mm 0.5 1 6820
AlSi9Cu3(Fe) 20× 26 ×10−3 mm 0.25 2 815
AlSi9Cu3(Fe) 40× 52 ×10−3 mm 0.125 4 1236
AlSi9Cu3(Fe) 50× 65 ×10−3 mm 0.1 5 1128

AlSi7Mg 5× 29 ×10−3 mm 1 0 1216
AlSi7Mg 10× 55 ×10−3 mm 0.5 3 1176

AlMg5(Si) 5× 32 ×10−3 mm 1 0 1032
AlMg5(Si) 10× 64 ×10−3 mm 0.5 0 1174
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Figure 5. Schematic representation of dataset generation: the original image was first split into
70 images with a pixel resolution of 208 × 211, which were then resized to 200 × 200 pixel.

In an earlier approach [34], the images were preprocessed by the morphological
transformation, Gaussian blur and Otsu’s threshold [35] to reduce the number of training
parameters. The color scale of the image was reduced from an eight-bit three-channel depth
(i.e., full RGB) to a one-bit color depth (e.g., black or white). Unfortunately, the approach
requires manual tuning of the hyperparameters for each SDAS value, making it impractical.
For the present study, grayscale images were used to achieve fully automatic detection
of SDAS using DL to avoid any manual operation. Nevertheless, the training parameters
were reduced by a factor of three by using only one color channel instead of three.

3.3. Overview of the CNN Model

Predictive model at hand is based on the CNN architecture. It is assumed that other
ML approaches would exhibit inferior behavior and therefore they were not considered.
In the present case, the CNN model is based on a basic feedforward (sequential) network.
The model consists of three 2D convolutional layer blocks. Each convolutional filter is
followed by a Rectified Linear Unit (ReLU) activation, batch normalization and a max-
pooling layer. Filter sizes used were (5, 5) × 32, (3, 3) × 32 and (2, 2) × 32 for the first,
second and third convolutional layers, respectively. Zero-padding was applied evenly
across both dimensions to compensate for edges. The convolutions were performed with
stride 1. Each max-pooling filter was of size (2, 2), and pooling was performed with stride
2. This resulted in the following intermediate activation maps: 200 × 200 × 1 (input),
100 × 100 × 32 (following the first convolutional block), 50 × 50 × 32 (following the second
convolutional block) and 25 × 25 × 32 (following the third convolutional block). Activation
of the final convolutional block was then flattened to create a meta-layer of 20,000 neurons,
which was then followed by a fully-connected layer consisting of 64 neurons, followed
by the ReLU activation function and batch normalization. Finally, this layer was then
fully connected to the output layer, which contained a single linear neuron—because of
the assumed regression operation. Thus, for a 2D input image of size 200 × 200 × 1, a
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single real value—S value is obtained. The Adam optimizer was used, using a learning
rate of 0.0005. The schematic CNN architecture is shown in Figure 6. The total number of
parameters was 1,294,977. It was trained with the Keras library on an Intel® Core™ I7-4970
CPU running at 3.60 GHz using 8 parallel processing units. Training was completed in 5
h—for 30 epochs total. A batch size of 32 was used for the training.

Figure 6. The CNN architecture used for estimating SDAS directly from microstructure image
patches.

4. Results and Discussion

The CNN model described in the previous section showed very good performance,
having the R2 score of 91.5% on the test set. We performed an additional experiment to
test the accuracy and practical usability of the model for possible industrial applications.
The input image of 2080 × 1544 pixel is taken as a reference and split into 70 images of
200 × 200 pixel using the same approach as shown in Figure 5. The average result of
70 predictions is then captured while the prediction deviation and prediction error were
also captured. We performed two mutually independent evaluation tests: one using
materials that were used during the training, and another using materials that were not
used during the training. It should be noted that individual images of both group of
materials that were used for this test were not involved in the training, i.e., disjoint test
subsets were used for both. The results are shown in Tables 3 and 4, while the images used
for the prediction task are shown in Figures 7 and 8. S values were obtained using the
same procedure as explained in the previous section.
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Figure 7. Images of materials used during the training: The images were split into 200 × 200 pixel
images following the procedure in Figure 5 and used for the prediction task.

Figure 8. Images of materials that were not used during the training: The images were split into
200 × 200 pixel images following the procedure in Figure 5 and used for the prediction task.
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Table 3. Results of prediction for materials used during training.

Material
S Pred. S Pred. Dev. Pred. Err. Magnification

μm μm μm %

AlSi9Cu3(Fe) 6 4.8 1.2 20 5×
AlSi9Cu3(Fe) 13 13.6 0.6 4.6 10×
AlSi9Cu3(Fe) 27 27.7 0.7 2.6 20×
AlSi9Cu3(Fe) 52 52.9 0.9 1.7 40×
AlSi9Cu3(Fe) 65 64.9 0.1 0.15 50×

AlMg5(Si) 32 29.8 2.2 6.9 5×
AlMg5(Si) 64 62.6 1.4 2.2 10×
AlSi7Mg 29 23.0 6.0 20.7 5×
AlSi7Mg 55 55.9 0.9 1.6 10×

Average prediction deviation on 10× magnification: 0.76 μm
Average prediction error on 10× magnification: 2.15%

Table 4. Results of prediction for materials not used during training.

Material
S Pred. S Pred. Dev. Pred. Err. Magnification

μm μm μm %

AlSi7Mg0.6 30 28.1 1.9 6.3 5×
AlSi7Mg0.6 60 58.1 1.9 3.1 10×

AlSi10Mg(Fe) 8 11.1 3.1 38.8 5×
AlSi10Mg(Fe) 15 23.9 8.9 59.3 10×
AlSi10Mg(Fe) 31 35.8 4.8 15.5 20×
AlSi10Mg(Fe) 62 52.7 9.3 15.0 40×
AlSi12Cu1(Fe) 5 13.9 8.9 178 5×
AlSi12Cu1(Fe) 19 26.1 7.1 37.4 20×
AlSi12Cu1(Fe) 40 41.4 1.4 3.5 40×

Average prediction deviation on max. mag.: 4.60 μm
Average prediction error on max. mag.: 7.2%

The predicted results are very accurate for the trained materials. Average prediction
deviation was evaluated for 10× magnification, giving only 0.97 · 10−3 mm. Moreover, the
maximum prediction deviation is 6 · 10−3 mm, while every other prediction deviation is less
than 2.2 · 10−3 mm. In Table 3, it can be observed that a higher prediction deviation as well
as a higher prediction error correlates with a smaller magnification. This could be directly
attributed to the resolution of the images. At higher magnification, a dendrite is described
with more pixels, so it is expected that the predicted results are more accurate. For example,
the highest magnification of 50× results in an error of only 0.1 μm. Hopefully, SDAS
smaller than 5 · 10−3 mm is rarely seen in industrial applications. However, even assuming
the highest deviation, such SDAS prediction model performances are quite acceptable for
industry. A model with such performance could even be used to determine the SDAS
distribution on a single microstructure image and/or polished cross-section sample.

The prediction error for the predicted results was also recorded. The average pre-
diction error for the trained materials at 10× magnification is very low −2.15% while the
highest is 20.7%. Again, the highest prediction errors were associated with the lowest
resolution for all alloys considered. Increasing the number of pixels that depicts SDAS
through higher magnification effectively eliminates the accuracy problem. At the highest
magnifications, the errors were in the range of 0.15–2.2%, as can be seen in Table 3. It is
therefore recommended to use a magnification of at least 10×.

In addition, prediction accuracy was also tested with materials that were not used
during training (Table 4). The physical SDAS values of AlSi10Mg(Fe), AlSi12Cu1(Fe) and
AlSi7Mg0.6 were 8 · 10−3 mm, 5 · 10−3 mm and 30 · 10−3 mm, respectively. The results
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shown in Table 4 indicate that the predictions are less accurate than for the trained materi-
als. The prediction error is also slightly higher, while the average prediction deviation is
4.60 · 10−3 mm for highest magnifications. For the AlSi10Mg(Fe) alloy, the highest error
of 15% was obtained for 40× magnification, while errors close to 3% were obtained for
the other alloys. Note that a very high error (178%) was obtained for AlSi12Cu1(Fe) at
low magnification, indicating that higher magnifications should again be preferred for the
application of the CNN trained on other materials. This allows the error to be reduced to
3.5% for the 40× magnification, which is in the same range as when the CNN is applied
to trained materials, cf. Table 3. For general analysis (e.g., to determine whether the
component was cast in sand or in permanent mold, or for general determination of solidifi-
cation rate), the model could be used successfully in the foundry industry, ensuring that
magnification greater than 10× is used. As an example, even the deviation of the different
measurement methods reported in [33] falls within the performance range of the model.
The highest prediction deviation of 9.3 · 10−3 mm was obtained for the alloy AlSi10Mg(Fe).

5. Conclusions

The present study confirms the hypothesis that SDAS can be determined directly
from microstructure image data by the DL methodology. The model shows excellent
performance on the materials used in the training, provided that the highest possible
magnification is used. On the other hand, the model performs slightly worse for the
materials not used in training. However, both variants could be used in any type of
industry depending on the model accuracy. A model for materials used during training
could even be used to determine the distribution of SDAS on a single microstructure image
and/or polished cross-section sample. Furthermore, the model could still be applied for
materials not used during training, although some caution should be exercised. Thus, from
the discussion shown, it appears that the technique based on DL can predict SDAS with a
high degree of certainty.

Since manual tuning of hyperparameter values is avoided in the present study, such
an approach could be fully automated. Furthermore, this approach now has a potential
application as part of Industry 4.0 for the automotive or other sector. Additionally, the
methods of DL could also have a potential application for automated prediction of mechan-
ical properties from an image of the microstructure. However, for this type of task, the link
between SDAS and material properties should be part of the analysis.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/
10.3390/met11050756/s1, Figure S1: Images used for training (Figure 3, full resolution). Figure S2:
Images of different types of defects used for the training (Figure 4, full resolution).
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34. Nikolic, F.; Štajduhar, I.; Čanad̄ija, M. Aluminum microstructure inspection using deep learning: A convolutional neural network
approach toward secondary dendrite arm spacing determination. In 4th Edition of My First Conference; University of Rijeka,
Faculty of Engineering: Rijeka, Croatia, 2020.

35. Alexander Mordvintsev, A.K.R. Image Processing in OpenCV. 2013. Available online: https://opencv-python-tutroals.
readthedocs.io/en/latest/py_tutorials/py_imgproc/py_table_of_contents_imgproc/py_table_of_contents_imgproc.html (ac-
cessed on 5 September 2020).

69





metals

Article

Influence of Additive Manufactured Stainless Steel Tool
Electrode on Machinability of Beta Titanium Alloy

Ragavanantham Shanmugam 1,*, Monsuru Ramoni 2,*, Geethapriyan Thangamani 3,*

and Muthuramalingam Thangaraj 4,*

��������	
�������

Citation: Shanmugam, R.;

Ramoni, M.; Thangamani, G.;

Thangaraj, M. Influence of Additive

Manufactured Stainless Steel Tool

Electrode on Machinability of Beta

Titanium Alloy. Metals 2021, 11, 778.

https://doi.org/10.3390/met11050778

Academic Editor: Claudio Testani

Received: 6 April 2021

Accepted: 7 May 2021

Published: 10 May 2021

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2021 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

1 Advanced Manufacturing Technology, School of Engineering, Math and Technology,
Navajo Technical University, Crownpoint, NM 87313, USA

2 Industrial Engineering, School of Engineering, Math and Technology, Navajo Technical University,
Crownpoint, NM 87313, USA

3 Department of Mechanical Engineering, SRM Institute of Science and Technology, SRM Nagar,
Kattankulathur 603203, India

4 Department of Mechatronics Engineering, SRM Institute of Science and Technology, SRM Nagar,
Kattankulathur 603203, India

* Correspondence: rags@navajotech.edu (R.S.); mramoni@navajotech.edu (M.R.);
geethapt@srmist.edu.in (G.T.); muthurat@srmist.edu.in (M.T.)

Abstract: Additive manufacturing technology provides a gateway to completely new horizons for
producing a wide range of components, such as manufacturing, medicine, aerospace, automotive,
and space explorations, especially in non-conventional manufacturing processes. The present study
analyzes the influence of the additive manufactured tool in electrochemical micromachining (ECMM)
on machining beta titanium alloy. The influence of different machining parameters, such as applied
voltage, electrolytic concentration, and duty ratio on material removal rate (MRR), overcut, and
circularity was also analyzed. It was inferred that the additive manufactured tool can produce better
circularity and overcut than a bare tool due to its higher corrosion resistance and localization effect.
The additive manufactured tool can remove more material owing to its strong atomic bond of metals
and higher electrical conductivity.

Keywords: ECMM; beta titanium alloy; electrolyte; stainless steel; additive tool

1. Introduction

The conventional manufacturing technique has limitations for producing complex
shapes, micro-holes, micro slots, as well as more tool wear and limited dimensional
accuracy and precision [1,2]. Nontraditional manufacturing processes are used to overcome
those problems [3,4]. The complex geometry ability of additive manufacturing offers an
opportunity to produce complex geometrical tools for non-conventional manufacturing
processes, especially electrochemical machining (ECM) processes. It is important to study
the influence of the additive manufacturing (AM) tool in electrochemical micro-machining
(ECMM) with related to titanium alloy. Such analysis has the potential to revolutionize the
manufacturing processes of tools for non-conventional manufacturing applications. The
various other non-conventional manufacturing techniques have a heat affected zone on the
work piece. However ECM process does not produce any such heat affected zone (HAZ). It
makes ECMM a great manufacturing process compared to other unconventional techniques.
In this process, the workpiece acts as an anode to achieve the controlled removal of metal
by anodic dissolution. The tool electrode acts as cathode while electrolyte flows through the
inter-electrode gap. The shape of the tool is generally a replica of the shape to be machined
on the workpiece [5]. Electrochemical machining is based on Faraday’s laws of electrolysis
and Ohm’s law [6]. Two electrodes are arranged in an electrolytic solution. When DC
power is supplied across these electrodes, the metal is eroded from the anode and deposited
on the cathode. ECMM process is the replica of electrochemical plating technique. In the
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ECMM process, the material is removed at an atomic level through anodic dissolution,
when high current is conducted at a relatively low potential difference through a specially
shaped tool. As the ECMM process provides high surface finish, high accurate and stress-
free products, it is widely used in manufacturing of turbine blades, high compression
engines, artillery projectiles and parts for electronics and medical industries [7]. ECMM
is performed for very small size products with a better controlled ECM process. It is
used to produce micro-holes and micro-slots in the material with very high precision and
quality [8]. Theoretically, in the micro machining process, the micro-holes generated within
the dimension of 1μm to 999μm [9,10]. The ECMM has been referred for many of the
micromachining because it removes the materials (conductive materials) regardless of their
hardness and toughness [11]. Additive manufacturing (AM) is the process of generating a
product layer by layer from a 3D model. It enables manufacturing of complex geometry
with fewer processing step and minimum waste; it reduces time and cost for manufacturing
products. It is now applied in the aerospace, medical implant, and electronics fields. Many
research works have been done on the ECM process based on its process parameters,
such as electrolytes, tool shape, materials, and workpiece. Some other studies on coated
tools have also been performed with various tool electrodes [12]. This study is about
machining of beta titanium alloy as a workpiece of ECMM process and the influence of
additively manufactured tool over the process, which are yet to be studied. The machining
performance on titanium alloy specimens using the ECM process was improved using an
optimal combination of electrolytes and their concentration during the drilling process [13].
The nickel-based alloys can be precisely machined using ECM process by choosing optimal
process parameters combination [14]. The influence of the tool coating was also analyzed
on machining titanium alloy [15]. The surface morphology of the machined specimens
should be improved as much as possible [16,17].

From the referenced literature, it has been understood that very little attention has
been given to the analysis of the influence of the additively manufactured tool electrode
on quality measures using the ECMM process. The objective of the study is to study the
influence of process parameters and additively manufactured copper tool electrode on
material removal rate (MRR), overcut (OC), and circularity (CY) while machining Titanium
(Ti-6Al-4V) alloy in ECMM process. The micro structural analysis was also carried out to
understand the variation of grains around the machined area of each specimen.

2. Materials and Methods

2.1. Electro. Chemical Micro Machining Arrangement

The ECMM setup has a machining unit, micro electrode feeding system (lead screw
mechanism), electrolytic tank, and DC power supply system, as shown in Figure 1. The
electrolyte bath is connected to a pump and a filter. The mechanical machining unit consists
of a work holding device, micro-tool feeding system and machining chamber. The micro-
tool feed movement has been achieved through the lead screw mechanism. The lead screw
of the tool movement has been rotated with the help of a stepper motor, whereas the tool
movement can be controlled manually. A DC power supply of 0 V–30 V and 0 A–2 A is
inbuilt with the ability to control the voltage, current, and duty cycle. The experimental
factors have been selected based on the influence of the process parameters, which affect
the machining rate and shape accuracy of the material. The ECMM setup consists of a
power input, control unit to set the process parameters, electrolyte supply system and a
machining chamber which contains tool and the workpiece along with the electrolyte [18].
Titanium (Ti-6Al-4V) alloy with the size of (50 mm × 50 mm × 3 mm) was chosen as a
workpiece, due to its importance in manufacturing industries.
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Figure 1. Experimental setup of ECMM with machined specimens and tool electrodes. (a) Schematic ECM, (b) ECM
machine, (c) Tool electrodes, (d) Machined specimens.

2.2. Selection of Process Variables

This research work is focused on finding the machining performance of additively
manufactured tool while machining beta titanium alloy by ECMM through calculating
the selected output parameters, such as MRR and surface accuracy. The Stainless Steel
316L tool electrode in the shape of a sharp pencil hat is 30 mm long and 2 mm thick
(0.4 mm thick from tip) has been used as a tool electrode in the ECMM process. The tool
electrodes were manufactured using a conventional machining process (bare tool) and
additive manufacturing (AM tool) process, as shown in Figure 1. The presence of a small
volume of silicon and copper in the austenitic stainless steel containing molybdenum
can improve the corrosion resistance by improving oxidation resistance. The additively
manufactured stainless steel has almost the same properties compared to conventional
available bare stainless steel. However, the AM tool electrode has better uniformity in
composition and dimensional accuracy. The tool electrode was manufactured using Direct
Metal Laser Sintering (DMLS) as the additive manufacturing technique. In this approach,
the metal powders were utilized to build a platform continuously. The powder particles
were sintered layer by layer using a laser beam. The shape of the job could be determined
based on a CAM model. Then the specimens are formed into the required shape with the
wire electrical discharge machining (WEDM) process [18]. Beta titanium alloy has been
chosen as the work piece material of size of 40 mm × 20 mm × 1.7 mm. Table 1 shows the
composition of the work piece and tool electrode. The importance of titanium material has
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been increasing in the field of biomedical because it fulfills the requirements over other
materials with its properties, and also the titanium has wide applications in the area of
aircraft, jet engines, racing cars, chemical, petrochemical, and marine components, and
submarine hulls [19–22]. The 1 mol/L of Sodium Nitrate and 1 mol/L of Sodium Nitrate
with 0.02 mol/L of Sodium Citrate were chosen as electrolyte, as shown in Table 2 [23–25].
In the present study, applied DC voltage, electrolytic concentration and duty cycle were
selected as process parameters. The voltage was chosen as 15 V and 17 V with the Duty
cycle of 50% and 66%. The manual Micro-tool feed rate of 1.6μm/min was chosen for
this experiment [20,23]. During the machining process, the parameters were set to require
based on a trial of an orthogonal array. The machining was done for making blind hole.

Table 1. Chemical Composition of workpiece and tool electrode.

Beta Titanium Alloy Workpiece

Elements Composition (%)

Iron (Fe) 0.23

Aluminum (Al) 3.01

Vanadium (V) 2.19

Titanium (Ti) 94.65

Stainless Steel 316l Tool electrode

Carbon 0.03

Manganese 2.00

Phosphorus 0.045

Sulfur 0.03

Silicon 0.75

Chromium 18.00

Nickel 14.00

Molybdenum 3.00

Nitrogen 0.10

Iron 62.045

Table 2. Selection of Process parameters and its levels.

Input Parameters Level 1 Level 2

Applied voltage (V) 15 17

Electrolytic concentration
(mol/L)

1—NaNO3 1—NaNO3

0—Sodium Citrate 0.02—Sodium Citrate

Duty cycle (%) 50 66

2.3. Selection of Performance Measures

Material removal rate (MRR) has been obtained by taking ratio between per machining
time and weight difference of workpiece before and after machining. The values of the
MRR were computed in terms of (g/h) using the following Equation (1).

MRR =
Wb − Wa

T
(1)

where, Wb = Pre-Weight of the piece (g); Wa = After-Weight of the piece (g); T = Machining
time (hours).The circularity indicates the dimensional accuracy which provides the devia-
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tion from the required shape. The value should be less as much as possible and denoted in
μm. It was measured based on the following Equation (2) [17].

Circularity = DMAJOR − DMINOR (2)

where, DMAJOR = Major Diameter of Micro-hole (μm), DMINOR = Minor Diameter of Micro-
hole (μm). The overcut indicates the deviation from the required width of the cut. The
value should be less as much as possible and denoted in μm. The difference between the
cross section of electrode tip and micro-hole is known as overcut. It has been calculated
by finding the difference between the radius of the tool and micro-hole as mentioned
Equation (3). The tool giving lower value for overcut is superior.

Overcut =
DH − DT

2
(3)

where, DH = Mean Diameter of Micro-hole (μm); DT = Diameter of Tool electrode Tip (μm).
The profile projector was used to measure the dimension of tools. The shape accuracy and
effect on the tool can be seen by optical microscope. The dimensions of the tool electrode
were measured before and after machining using a profile projector. The Minitab package
software was used for obtaining the optimal process parameters by analyzing the output
characteristics data.

3. Results and Discussion

The blind hole machining operations were performed on titanium alloys specimens, as
shown in Figure 1. All the experimental trials have been conducted with two times, and the
average values were considered as final value to increase the measurement accuracy. The
effects of AM tool and bare tool on performance measures while machining beta titanium
alloy specimens under various process parameters like voltage, concentration and duty
cycle using the ECMM process were compared and analyzed.

3.1. Influence of Additive Manufactured Tool Electrode on MRR

The significance of process parameters was investigated using Minitab 17 version
software package. The most influencing ECMM variables can be indicated by the devi-
ation from the mean line. It was inferred that the electrolyte concentration has the most
dominating factor than others, such as applied voltage and duty cycle. The MRR was
increased with a higher concentration of electrolytes due to this higher number of free ions
and increasing current flow between the electrodes, as shown in Figure 2 [20,23]. MRR is
directly proportional to voltage and duty cycle, but inversely proportional to electrolyte
concentration. The additive tool has a more dominating effect on MRR because as by
Ohm’s law, voltage and current are directly related to MRR, as shown in Figure 3. The
error bar also indicated the lower repeatability error and standard deviation. The voltage
can increase the current in the electrolytic cell of the process, which result in higher MRR in
the ECMM process [26,27]. Hence, the optimum voltage should be kept as high as possible.
From the Table 3, it was inferred that additive manufactured tool could provide better MRR
than bare tool owing to the high uniformity of composition in additively manufactured
tool as compared to conventionally manufactured bare tool. The study was also performed
to find the optimal parameters and investigate the effects on the performance measures.
It was found that higher voltage and duty cycle could provide higher material removal
rate with better dimensional accuracy, owing to the ability of producing better anodic
dissolution. It forms strong atomic bonds of metals, which increases electrical conductivity
of the material to increase MRR during the machining process in ECMM [28].
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Figure 2. Contribution of process parameter on MRR (a) bare tool (b) additive tool.

Figure 3. Comparison graph for bare tool and additive tool on MRR.

76



Metals 2021, 11, 778

Table 3. Comparison between Bare Tool and Additive Tool for MRR.

S.No. Voltage (V)
Concentration (Mol/L)

Duty Ratio (%)
MRR (g/hrs)

Sodium Nitrate Sodium Citrate Bare Tool Additive Tool

1 15 1 0 50 0.00133 0.00533

2 15 1 0.02 66 0.004 0.006

3 17 1 0 66 0.002 0.012

4 17 1 0.02 50 0.006 0.008

3.2. Influence of Additive Manufactured Tool Electrode on Circularity and Overcut

The quality of the micro-hole produced by ECMM process on titanium specimens by
AM tool and bare tool electrodes. It can be measured by capturing circularity and overcut
of the workpiece under various process parameters combinations. The optical microscope
(SVI107 manufactured by SIPCON, India) was used examine the quality of micro-hole
by measure the value of circularity and overcut. The scanning electron microscope (SEM
S-3400N manufactured by Hitachi, Japan) has been used to understand surface morphology
in the present study.

Figure 4 shows the SEM image of a micro-hole on a beta titanium alloy workpiece
machined using a SS316L bare tool in ECMM. The circle in the figure shows the micro-holes
in the machined region of the workpiece. The workpiece was machined by bare tool under
(15 V voltage, 1 mol/L Sodium Nitrate, and 50% duty cycle) and (15 V voltage, 1 mol/L
Sodium Nitrate with 0.002 mol/L Sodium Citrate, and 66% duty cycle) for SEM analysis. It
was observed that higher duty cycle increases the number of free ions for the electrolyte.
This could increase MRR by increasing the current in the process owing to a higher duty
cycle. It could increase the quality of micro-holes by producing larger and concentrated
craters in the bare tool [29,30].

Figure 4. SEM image of machined workpiece surface by bare tool (a) 15 V, 1 mol/L Sodium Nitrate, 50% duty cycle (b) 15 V,
1 mol/L Sodium Nitrate, 66% duty cycle.

Figure 5 shows the SEM image of micro-hole on beta titanium alloy workpiece ma-
chined using the additive tool of SS316L in the ECMM process. The circle in the figure
shows the micro-holes in the machined region of the workpiece. The workpiece machined
by bare tool under (15 V voltage, 1 mol/L Sodium Nitrate and 50% duty cycle) and (15 V
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voltage, 1 mol/L Sodium Nitrate with 0.002 mol/L Sodium Citrate and 66% duty cycle) for
SEM analysis. The higher duty cycle could produce larger and more concentrated craters in
the ECMM process. The surface accuracy was also observed in better form due to the higher
particle uniformity and corrosion resistance, which could reduce the unwanted material
removal on the machined surface in the ECMM process. It could result in compromising
the quality of micro-holes on the machined specimens.

Figure 5. SEM image of machined workpiece surface by additive tool (a) 15 V, 1 mol/L Sodium Nitrate, 50% duty cycle
(b) 15 V, 1 mol/L Sodium Nitrate, 66% duty cycle.

Table 4 shows that better circularity was observed with the additive tool than the
bare tool. The dimensional exactness of the tool electrode demonstrates the dimensional
accuracy over the machined specimens. Hence, the circularity of specimens was observed
as better with the additive tool owing to the elemental exactness of the tool electrode,
as shown in Figure 6. The reason behind the better dimensional accuracy of additive
manufacturing could be due to the layer by layer manufacturing technique. It could avoid
any shrinkage of metal during manufacturing.

Table 4. Comparison table between Bare Tool and Additive Tool for Circularity.

Trials
Circularity by
Bare Tool (μm)

Circularity by
Additive Tool (μm)

1 67.19 17.53

2 40.21 0.59

3 2.39 0.87

4 19.43 0.58
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Figure 6. Comparison graph for bare tool and additive tool on circularity.

Table 5 shows that a lower overcut was observed with the additive tool than with the
bare tool. The lower overcut of specimens was observed with additive tool due to the layer
by layer additive manufacturing of the tool electrode, as shown in Figure 7. It could be
due to the high localization effect and minimization of stray current provided by additive
manufacturing tool in the ECMM process.

Table 5. Comparison table between Bare Tool and Additive Tool for Overcut.

Trials
Overcut by

Bare Tool (μm)
Overcut by

Additive Tool (μm)

1 25.5525 17.6575

2 21.29 16.4875

3 5.4175 4.7375

4 18.2725 9.99
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Figure 7. Comparison graph for bare tool and additive tool on overcut.

3.3. Surface Morphology Analysis with Additive Manufactured Tool Electrode

The corrosion can be seen in the tool at the tool tip and tool surface with a bare tool
electrode as shown in Figure 8. The circle indicated the corrosion on the tool after the
machining process. The corrosion in the tool is due to pitting corrosion, as the corrosion is
not uniform throughout the tool and forming pits on the tool surface. Tool surface topology
shows that the influence of the machining process over the tool electrode surface. After
machining process, more craters were observed over the machined surface due to material
removal in the ECMM process. It is due to defects that occurred during conventional
manufacturing of the tool [31]. Figure 8 shows the corrosion at the tool tip and tool surface
with the AM tool after machining process to represent the tool corrosion. The lower tool
pitting corrosion in the AM tool was observed, since the AM tool could produce uniform
corrosion and forming fewer pits on the tool surface [32]. Tool surface topology shows
that the machining could minimally affect the AM tool the bare tool owing to its ability
of lower and tiny craters in surface topology of additive tool [33]. It could be due to
a smaller number of manufacturing defects occurred during manufacturing of the tool.
The corrosion in bare tool was the pitting corrosion, since the corrosion was not uniform
throughout the tool and forming pits on the tool surface. It was observed that the tool
surface of the bare tool electrode after the machining process became rougher than the
additive tool. The crater size in bare tool was higher than the additive tool. The tool surface
and tool tip of additive manufactured was observed with lower corrosion compared to
bare tool [34]. It was found that the bare tool could be corroded at a faster rate than that of
the additive tool, since the manufacturing of the AM tool electrode could be involved with
lower chemical reactance by oxidizing agent in the electrolyte environment to corrode the
tool [35]. The corrosion was localized on the areas where machining defects were, which
could lead to random distribution of the corrosion. It could lead to lower pitting corrosion
with additively manufactured tool electrode in the ECMM process.
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.
Figure 8. SEM analysis of machined specimens in ECMM (a) bare tool (b) AM tool.

4. Conclusions

In the present study, an endeavor was performed to find the effects of an additive
manufactured tool electrode and process parameters involved in the ECMM process on ma-
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chining stainless steel for obtaining better performance measures. From the experimental
results, the following conclusions were drawn.

• The additive manufactured tool can produce higher MRR, since the composition of
additive tool has more uniformity with strong atomic bond of metals and higher tool
conductivity.

• The additive manufacturing can give considerable dimensional accuracy in terms of
circularity and overcut due to increased localization effect and less stray current.

• The lower tool corrosion can be obtained in additively manufactured tool, since the
additive tool has porous and less surface defects owing its fabrication of layer-by-layer
addition of material.
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Abstract: Gravitational melt-stir casting produced hybrid nano-reinforcements (β-SiCp) and micro-
reinforcements (Bi and Sb) of AZ91 composites. SiCp-diffused discontinuous β-Mg17Al12 precip-
itation with a vital factor of SiC was exhibited at the grain boundary region, formulated Mg3Si
throughout the composite and changed the present Mg0.97Zn0.03 phases. The creation of Mg2Si (cu-
bic) and SiC (rhombohedral axes) enhanced the microhardness by 18.60% in a 0.5 wt.% SiCp/AZ91
matrix. The microhardness of 1 wt.% SiCp/AZ91 was slightly reduced after Mg0.97Zn0.03 (hexagonal)
reduction. The best ultimate tensile value obtained was about 169.33 MPa (increased by 40.10%) in a
0.5 wt.% SiCp/AZ91 matrix. Microelements Bi and Sb developed Mg3Bi2, Mg3Sb2 and monoclinic
C60 phases. The best peak yield strength of 82.75 MPa (increased by 19.85%) was obtained with
the addition of 0.5 wt.% SiCp/1 wt.% Bi/0.4 wt.% Sb. The mismatch of the coefficient of thermal
expansion of segregated particles and the AZ91 matrix, the shear transfer effect and the Orowan
effect, combined with the quantitative value of phase existence, improved the compressive strengths
of the composites with 0.5 wt.% β-SiCp, 1 wt.% β-SiCp and 0.5 wt.% SiCp/1 wt.% Bi/0.4 wt.% Sb by
2.68%, 6.23% and 8.38%, respectively. Notably, the Charpy impact strengths of 0.5 wt.% and 1 wt.%
β-SiCp-added AZ91 composites were enhanced by 236% (2.89 J) and 192% (2.35 J), respectively.
The addition of Bi and Sb with SiCp resulted in the formation of a massive phase of brittle Al6Mn.
Al–Mn-based phases (developed huge voids and cavities) remarkably reduced impact values by 80%
(0.98 J). The discussion covers the quantitative analyses of X-ray diffraction, optical microscopy and
scanning electron microscopy results and fracture surfaces.

Keywords: magnesium alloy; grain and interface; composite; mechanical behaviour; Orowan effect;
strengthening mechanism; intermetallic phase; quantitative phase analysis; fractography

1. Introduction

The engineering sector (commercial and military aerospace vehicles, automotive
industry and shipbuilding industry) has recently shown broad interest in magnesium al-
loys [1–4] because of their light weight, which reduces fuel consumption and green gas emis-
sion [5]. Magnesium alloys and their composites have low weight (density ρ = 1.74 g/cm3),
high specific strength (158 KN m/kg) and superior mechanical strength [6]. Nevertheless,
the applications, quality and quantity of magnesium alloys are limited [7] because of the
constrained slip arrangement of the hexagonal closed-packed (HCP) crystal lattice [8]; thus,
their tensile, compressive and impact properties must be improved. The Federal Aviation
Association (FAA) lately reconsidered the practicability of using WE43 and Elektron 21
magnesium alloys because of the increasing demand for novel magnesium alloys. The FAA
removed the prohibition against the use of magnesium alloy in seat frame compartments [9].
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Thus, magnesium alloys with different nano- and microparticles need to be investigated
through different mechanical tests.

Several studies have investigated magnesium metal matrix composites (MMCs) to
enhance their mechanical properties, such as tensile [10], compression [11] and impact
properties [12]. Many factors influence the strength of materials, such as the method of fab-
rication (ultrasonic stirring method) [13], extrusion of composite and extrusion speed [14],
variation in extrusion temperature [13], ageing behaviour [15], variation in ageing tem-
perature [16], annealing behaviour of composites [6] and size of reinforcements [17,18]
(microelements and nanoparticles). However, the tensile, compression and impact proper-
ties of the hybrid β-SiCp nanoparticle and Bi/Sb microelement reinforcements of AZ91
have not been studied by many. Moreover, the scattering of reinforcements is vital to
amend a composite’s mechanical strength at a low cost [19,20].

The present paper investigated the hybrid reinforcements of AZ91 (β-SiCp, Bi and Sb)
in the as-cast condition by the gravitational melt-stir casting method. The aim of adding
SiCp was to settle in the grain boundary and suppress the discontinuous β-Mg17Al12
precipitation of the AZ91 matrix [21]. In addition, the addition of Bi and Sb formed
Mg3Bi2 and Mg3Sb2 phases, which acted as a straddle in the AZ91 matrix and improved
the composite’s mechanical properties [22,23]. The mechanical properties of the AZ91
composites with β-SiCp, Bi and Sb were studied by tensile, compression and Charpy
impact tests.

The microstructure and phase changes in the composites were studied by X-ray
diffraction (XRD), scanning electron microscopy (SEM) and electron-dispersive X-ray spec-
troscopy (EDS). The qualitative and quantitative phases in the matrix and strengthening
mechanisms, such as the CTE, the shear transfer effect, the Orowan effect and fracture
surfaces, of all tested samples were studied in detail.

2. Experimental

2.1. Experiment Materials

The present study was conducted on AZ91 magnesium matrix composites reinforced
with β-SiCp with different weight percentages (50 nm average particle size), bismuth
(50 μm) and antimony (150 μm). The nominal chemical composition of the mother alloy
that conforms to AZ91 is shown in Table 1. The same patch production material was
used in this study [17,24]. Guangyu Technology Co., Ltd., (Shenzhen, China) and Jiehan
Technology Corporation (Taichung) from Taiwan supplied commercial AZ91 alloy and
β-SiCp nanoparticles (>99.99% high purity), respectively. Johnson & Annie Co., Ltd., New
Taipei, Taiwan, provided bismuth and antimony (>99.99% high-purity) reinforcements.

Table 1. Nominal chemical composition of the investigated AZ91 alloy.

Elements Al Zn Mn Fe Si Cu Ni Mg

Wt.% Concentration 8.95 0.84 0.26 0.005 0.009 0.0008 0.0007 Balance

2.2. Composite Preparation

The different composites shown in Table 2 were produced by gravitational melt-stir
casting with suitable flux-covered protective atmospheres in a mild steel crucible, as shown
in Figure 1.

Table 2. Weight percentages of the investigated composites with reinforcements and their codes.

Composite
Code

Wt.% of Reinforcements

AZ91
β-SiCp
(50 nm)

Bismuth (Bi)
(50 μm)

Antimony (Sb)
(150 μm)

Code 1 100 0 0 0
Code 2 99.5 0.5 0 0
Code 3 99 1 0 0
Code 4 98.1 0.5 1 0.4
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Figure 1. Gravitational melt-stir casting setup and main apparatuses.

Initially, the melts were rapidly heated at 760 ◦C and the temperature was maintained
for 20 min. Then, these melts were stirred for 10 min at 1000 r/min to ensure uniformly
dispersed reinforcements in the magnesium composites [12]. After each composite was
fully melted, the melts were poured into closed moulds. During the process, the chamber
was set up with mixed atmosphere gases of SF6, CO2 (1 vol.% and balance) and Ar at
400 ◦C and 700 ◦C to terminate oxidation and burning [22].

2.3. Microstructure

According to the American Society for Testing and Materials (ASTM) E3-11 standard
of metallographic procedures [25], cubic specimens (10 mm × 10 mm × 10 mm) were
sectioned and cut from the centre of the castings using an abrasive cut-off machine. Subse-
quently, these samples were mechanically ground with silicon carbide polishing papers of
various grit sizes (400, 1000, 2000 and 4000 CW) and polished with diamond paste paper
(0.3 μm) using water as a lubricant. Before the microstructural investigation, the polished
samples were etched for 50 s with an etching solution (75 mL of ethanol, 25 mL of deionized
H2O, 1 mL of nitric and acetic acids). The microstructure and microscopic morphology
were analysed by optical microscopy (OM), SEM (JSM-6390L, JEOL, Tokyo, Japan) and
EDS. Phase investigation was carried out for all alloy codes by EDS and XRD (Bruker D2
phaser, Billerica, MA, USA) with CuKα radiation at 45 Kv and a current strength of 0.8 mA
for composition determination. Measurements were conducted from 20◦ to 80◦ at a scan
rate of 5◦/min with a 12 min scanning span.

2.4. Mechanical Test at Room Temperature
2.4.1. Harness Test

Vickers microhardness was measured in different regions of each specimen using
an Akashi MVK-H1 Vickers hardness tester (Mitutoyo, Kawasaki, Japan) with diamond
indentation (2.5 mm diameter, 300 gmf applying a load, 10 s dwell time). The microhardness
value was calculated based on the average of 10 indentations with two samples.

2.4.2. Tensile Test

The dimensions and location of the dog bone cross-section of the tensile nanocompos-
ite sample are shown in Figure 2. The samples were cut by a water jet cutting machine as
per the ASTM E8 standard [26]. Tensile tests were performed on an 810 kN MTS Insight
universal testing machine at a constant speed of 0.5 mm/min at room temperature. The al-
loy composite’s mechanical properties (yield strength, ultimate tensile strength (UTS) and
elongation) were evaluated by the average of at least three samples to ensure the precision
of the final results.
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Figure 2. Schematic illumination of the dimensions of the tensile, compression and impact samples and the direction of the
alloy composites.

2.4.3. Compression Test

Three to five cylindrical compression samples (constant length-to-diameter ratio of
1:1) were obtained from the same composites at different locations, as shown in Figure 2,
to evaluate the compressive mechanical properties of each composite code as per ASTM E9-
19 [27]. The universal testing machine (MTS, 810 kN) (MTS, Eden Prairie, MN, USA) was
used at a strain rate of 0.5 mm/min for the compressive tests to evaluate the composites’
compressive behaviour at room temperature.

Flow stress (σ) and true strain (ε) values were estimated [17,28] based on the given
input load (F), the radius of the cylindrical specimen (R) and the original height of the
sample (l0) in the testing machine according to Equations (1) and (2):

σ =
F

πR2 (1)

ε =
l0 − l

l0
(2)

2.4.4. Impact Test

Charpy impact test specimens (55 mm × 10 mm × 10 mm) were cut and evicted
from different regions in each composite by a water jet cutting machine. Moreover, a CNC
CHMER electrical discharge machining (CW-43CS, CHMER, Taichung, Taiwan) tool was
used to make a V notch, as shown in Figure 2. Three samples were measured to evaluate
the precise impact values. The samples were studied with a universal impact tester (model
74) as per ASTM E-23 [29]. All the testing specimens were polished well before testing to
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terminate uneven alignment, which could lead to improper results. SEM was employed to
analyse all fracture surfaces after completing the impact test.

3. Results

3.1. Microhardness

Vickers microhardness values of the hybrid nano- and micro-reinforced Mg MMCs
are given in Figure 3 and Table 3. The microhardness of alloy codes 2 and 3 increased by
18.60% and 14.66% compared with the as-cast alloy AZ91, respectively, but decreased with
increasing β-SiCp percentage from 0.5 to 1 wt.%. The 3′ microhardness of the AZ91 alloy
added with 1 wt.% β-SiCp was slightly reduced; thus, the addition of β-SiCp limited the
microhardness of AZ91. The microhardness of alloy code 4 (AZ91 + 0.5 wt.% SiCp + 1 wt.%
Bi + 0.4 wt.% Sb) increased by 17.49% compared with that of the pure as-cast AZ91 alloy,
as shown in Figure 3 and Table 3. However, the microhardness decreased slightly for alloy
code 4 (AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb) compared with alloy code 2.

Figure 3. Microhardness of AZ91 alloys with different hybrid nano- and micro-reinforcements.

Table 3. Microhardness variation and increment in microhardness of the alloy codes compared with pure AZ91 alloy.

Alloy Code Composition Microhardness (HV) Increment in Microhardness (%)

Code 1 Pure AZ91 68.21 -

Code 2 AZ91 + 0.5 wt.% SiCp 80.90 18.60

Code 3 AZ91 + 1 wt.% SiCp 78.21 14.66

Code 4 AZ91 + 0.5 wt.% SiCp + 1
wt.% Bi + 0.4 wt.% Sb 80.14 17.49

3.2. Mechanical Properties
3.2.1. Tensile Properties

The room-temperature tensile curves and mechanical tensile properties of pure and hy-
brid nano-micro-reinforced (β-SiCp, Bi and Sb) as-cast composites are depicted in Figure 4.
The comparison of the present study’s yield strength, UTS, Young’s modulus and elonga-
tion with those of other particles reinforced by MMCs in other studies is shown in Table 4.
The engineering tensile properties of nanocomposites in as-cast conditions improved
remarkably compared with those of the pure AZ91 counterpart.
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Figure 4. Engineering stress–strain curve for AZ91 alloy composites with different hybrid nano- and
micro-reinforcements.

Table 4. Tensile properties of pure AZ91 and AZ91 composites with different hybrid nano- and micro-reinforcements.

Alloy Code Types of Castings 0.2% Yield Strength (MPa) UTS (MPa) Elongation (%)

Code 1 Pure AZ91 69.05 ± 2 120.87 ± 4 6.0 ± 0.1

Code 2 AZ91 + 0.5 wt.% SiCp 72.82 ± 3 169.33 ± 2 21.6 ± 0.3

Code 3 AZ91 + 1 wt.% SiCp 59.38 ± 3 118.07 ± 3 10.6 ± 0.2

Code 4 AZ91 + 0.5 wt.% SiCp + 1
wt.% Bi + 0.4 wt.% Sb 82.75 ± 1 159.60 ± 4 11.2 ± 0.2

Other study [17] AZ91(as-cast) + 1 wt.% WS2 67.93 ± 3 140.81 ± 6 9.01 ± 0.5

Other study [30] AZ91(as-cast) +1 wt.% SiCp 116 139 0.78

The variations in the mechanical properties of pure and reinforced AZ91 compos-
ites are depicted in Table 4. Tensile strength (169.33 MPa, increased by 40.10%), yield
strength (72.82 MPa, increased by 5.47%) and elongation (21.6%, increased by 3.6 times)
dramatically increased with an increase in β-SiCp. The increase in elongation reflects that
0.5 wt.% β-SiCp reinforcement increases the formability of the AZ91 matrix alloy substan-
tially. When SiCp content is 0.5 wt.%, the grain refinement effect and the constructively
refined Mg17Al12 phase of granulated morphology compounds cause the increase in elon-
gation. Tensile strength (118.07 MPa, decreased by 2.31%) and yield strength (59.38 MPa,
decreased by 14.01%) decreased with the addition of 1 wt.% β-SiCp, whereas elongation
was preserved (10.6%, increased by 1.77 times). Furthermore, the addition of bismuth
and antimony with β-SiCp in alloy code 4 increased the peak yield strength (82.75 MPa,
increased by 19.85%) compared with pure AZ91 and the other alloys. In addition, UTS and
elongation in alloy code 2 (159.60 MPa, increased by 32.04% compared with pure AZ91) and
alloy code 3 (11.2%, increased by 1.87 times) increased compared with pure AZ91. More-
over, the present nanocomposite clearly shows a superior tensile value (UTS, enhanced
by 20.25% [17]) compared with other magnesium MMCs [17,30] (such as micro-WS2 and
nano-SiCp) or large-sized particles in the as-cast condition, as depicted in Table 4.
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3.2.2. Compression Properties

Figure 5 shows the room-temperature engineering compressive stress–strain curves
and properties of pure AZ91 and AZ91/β-SiCp/Bi/Sb composites in the as-cast condition.
Compressive strength and ductility developed instantaneously with the addition of β-
SiCp/Bi/Sb reinforcements, as depicted in Table 5. The compressive properties of alloy
codes 2, 3 and 4 improved by 2.68%, 6.23% and 8.38%, respectively, compared with pure
AZ91 (345.14 MPa). The present study achieved a higher compressive strength compared
with other micro-SiCp-reinforced composites in similar previous studies [31].

 

Figure 5. Engineering compressive stress–strain curves of pure AZ91 and AZ91 composites with
different hybrid nano- and micro-reinforcements.

Table 5. Compression strength comparison of pure AZ91 and AZ91 composites with different hybrid nano- and micro-
reinforcements.

Alloy Code Types of Castings Maximum Compressive Strength (MPa) Compression Ratio (%)

Code 1 Pure AZ91 345.14 ± 13 16.17 ± 0.3

Code 2 AZ91 + 0.5 wt.% SiCp 354.38 ± 10 15.73 ± 0.1

Code 3 AZ91 + 1 wt.% SiCp 366.63 ± 13 15.90 ± 0.3

Code 4 AZ91 + 0.5 wt.% SiCp + 1
wt.% Bi + 0.4 wt.% Sb 374.07 ± 13 15.54 ± 0.3

3.2.3. Impact Properties

The variations in the absorbed Charpy impact energy of pure AZ91 and reinforced
(β-SiCp/Bi/Sb) nanocomposites are depicted in Figure 6. Table 6 shows that the absorbed
energy expressively improved by 236% (2.89 J) and 192% (2.35 J) after the addition of
β-SiCp reinforcements in alloy codes 2 and 3, respectively, compared with pure AZ91
(1.23 J). However, the addition of microelements (Bi and Sb) with the hybrid nanoelement
(β-SiCp) in alloy code 4 decreased the impact energy by 80% (0.98 J).
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Figure 6. Charpy impact test and absorbed impact energy of pure and modified AZ91 alloys.

Table 6. Variations in the Charpy impact energy of pure AZ91 and AZ91/β-SiCp/Bi/Sb composites.

Alloy Code Types of Casting Absorbed Energy (J) Increment in Absorbed Energy (%)

Code 1 Pure AZ91 1.23 -

Code 2 AZ91 + 0.5 wt.% SiCp 2.89 236

Code 3 AZ91 + 1 wt.% SiCp 2.35 192

Code 4 AZ91 + 0.5 wt.% SiCp + 1
wt.% Bi + 0.4 wt.% Sb 0.98 −80

3.3. X-Ray Diffraction (XRD) Texture Analysis

Figure 7 and Table 7 show the presence of the different composition phases in hybrid
nanocomposites (alloy codes 1 to 4) in the as-cast condition, which are confirmed by the
XRD test results. The total weight of the phases must be equal to 1 as per Equation (3).
The reference intensity ratio (RIR) method was used to estimate the quantitative value
of the substantial phases according to Equation (4) [12]. RIRs are the ratios of the most
substantial peak of the unknown phase to the peaks of standard phases.

n

∑
k=1

Wk = 1 (3)

W∝ =
Ii∝

RIR∝c
×
(

n

∑
k=1

Iik
RIRkc

)1

× 100%, (4)

where Ii∝ and Iik are the strongest intensities of the i-th ∝ and k unknown phases, respec-
tively, and RIR∝c and RIRkc are the strongest intensity ratios of the unknown ∝ or k phase
and corundum c.
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Figure 7. XRD pattern of as-cast AZ91 and AZ91/β-SiCp/Bi/Sb composites.

Table 7. Major intermetallic phases with quantitative values for pure AZ91 and reinforced AZ91 composites.

Alloy Code Composition Major Phases Quantitative Values (%) Structure

Code 1 Pure AZ91
Mg17Al12 6.81 Cubic

Mg0.97Zn0.03 91.30 Hexagonal
Al6Mn 1.89 Orthorhombic

Code 2 AZ91 + 0.5 wt.% SiCp

Mg17Al12 5.18 Cubic
Mg0.97Zn0.03 90.38 Hexagonal

SiC 2.52 Rhombo.h.axes
Mg2Si 1.92 Cubic

Code 3 AZ91 + 1 wt.% SiCp

Mg17Al12 4.64 Cubic
Mg0.97Zn0.03 86.99 Hexagonal

SiC 2.69 Rhombo.h.axes
Mg2Si 2.11 Cubic

C60 1 Monoclinic
Al6Mn 2.57 Orthorhombic

Code 4
AZ91 + 0.5 wt.% SiCp +
1 wt.% Bi + 0.4 wt.% Sb

Mg17Al12 15.53 Cubic
Mg0.97Zn0.03 41.37 Hexagonal

SiC 14.15 Rhombo.h.axes
Mg2Si 2.03 Cubic

C60 1.31 Monoclinic
Mg3Bi2 15.83 Hexagonal
Mg3Sb2 4.13 Hexagonal
Al6Mn 5.64 Orthorhombic

The diffraction peaks of solid solution of α-phase (Mg) and β-phase (Mg17Al12) were
perceived in all the AZ91 matrix composites. The diffraction peaks of SiC, Mg2Si and
Mg0.97Zn0.03 were found in alloy code 2. Additionally, the counts of SiC and Mg2Si were
progressively enhanced with the addition of 1 wt.% β-SiCp in alloy code 3. In other
words, the formation of Mg2Si substantially dissolved the brittle phase of Mg17Al12 in alloy
code 2 [19,21]. The Mg2Si phase was segregated throughout the composite based on the
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XRD pattern [32]. Moreover, the appearance of Mg0.97Zn0.03, SiC and Mg2Si in magnesium
composites has also been observed in previous studies [12,30,33–35].

Figure 7 portrays the phases of SiC, Mg2Si, Mg3Bi2, Mg3Sb2, C60, Mg0.97Zn0.03 and
Al6Mn detected in alloy code 4, and these morphologies of precipitates have been confirmed
by earlier studies [12,22,36–38]. A massive amount of Al–Mn-based intermetallic phases
and brittle Al6Mn phases were dispersed throughout the casting. Furthermore, the EDS
study confirmed the phases identified in the XRD patterns.

3.4. Microstructural Analysis

The OM and SEM images of the microstructures of pure AZ91 and reinforced AZ91
composites in the as-cast condition are exhibited in Figures 8–11. EDS was used to examine
the presence of phases in the MMCs.

 

Figure 8. Optical micrographs of (a) pure AZ91 matrix, (b) AZ91 + 0.5 wt.% SiCp, (c) AZ91 + 1 wt.%
SiCp and (d) AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb.

 

Figure 9. SEM images of (a) pure AZ91 matrix, (b) AZ91 + 0.5 wt.% SiCp, (c) AZ91 + 1 wt.% SiCp
and (d) AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb.
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Figure 10. EDS spectra of (a) pure AZ9 matrix, (b) AZ91 + 0.5 wt.% SiCp and (c, d) AZ91 + 1 wt.% SiCp.

 

Figure 11. EDS spectra of (a) AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb and (b) Si particle
dispersion at the boundary region of AZ91 + 0.5 wt.% SiCp.
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Alloy code 1 contains an α-Mg matrix and enormous β-Mg17Al12 intermetallic phases.
Based on the EDS examination, alloy code 1 contains Mg, Al and a small quantity of Zn.
Discontinuous β-Mg17Al12 precipitates arise when eutectic supersaturated Al and Mg cool
down and at the eutectic Al supersaturated solution state. New Mg2Si phases developed at
the boundary of alloy codes 2 to 4, in addition to the massive β-Mg17Al12 phases. The XRD
patterns in Figure 7 indicate the presence of α-Mg, β-Mg17Al12 and Mg2Si. The rough
grain structure of alloy code 1 (Figures 8a and 9a) was refined remarkably compared with
that of alloy code 2 (Figures 8b and 9b) [39]. On the other hand, the grain sizes of alloy
codes 1–4 were calculated by ImageJ software (1.53j, U.S. National Institutes of Health,
Bethesda, MD, USA) and the linear intercept method. The grain sizes were estimated
from the three images of each alloy code. The average grain sizes of alloy codes 1–4 were
recorded as 87, 61, 47 and 81 μm, respectively. The grain refinement increased in alloy
codes 2 and 3 remarkably.

In addition, illustrative SEM images (alloy code 2; Figure 11b) show the relatively
good scattering of SiC nanoparticles in alloy code 2. The solid solution of discontinuous
Mg17Al12, which was scattered in a sizeable free region in alloy code 1, as shown in
Figure 9a, was dramatically dissolved into alloy code 2, as shown in Figure 9b.

Nevertheless, the addition of 1 wt.% β-SiCp to AZ91 (alloy code 3) can produce
many Si nanoparticles and has the potential to reproduce and formulate Mg2Si (dendritic
shape structure of the brittle phase), as shown in Figure 8c. Figure 10c specifies the EDS
results for alloy code 3. Alloy code 3 had enormous phases of Al (48.78 wt.%) and Mn
(47.26 wt.%), which formed intermediate brittle phases, such as Al6Mn and others present
in the massive Mg17Al12 phase in Figure 7 and Table 7. Similarly, Figure 10d shows an
enormous solid phase of Mg (52.19 wt.%) and Al (47.76 wt.%). This phase is viewed as a
massive discontinuous Mg17Al12 phase when the β-SiCp amount is increased to 1 wt.%.
Moreover, XRD studies also confirmed the existence of these phases.

The OM and SEM images of alloy code 4 (AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.%
Sb) are depicted in Figures 8, 9 and 11. Phases α-Mg, Mg17Al12, Mg2Si, Mg3Bi2, Mg3Sb2
and C60 were identified. The OM and SEM images show that the hexagonal structures of
Mg3Bi2 and Mg3Sb2 are distributed throughout the matrix as rod shapes in the boundary
layers in Figures 8d and 9d. The EDS results (Figure 11a) confirmed the presence of Mg
(46.7 wt.%), Bi (3.5 wt.%), Sb (1.1 wt.%), Si (0.1 wt.%) and C (20.3 wt.%) elements. Previous
studies have also confirmed the creation of Mg3Bi2 and Mg3Sb2 in the massive β-Mg17Al12
phase [22,23,32,35–37,39,40]. The XRD texture for alloy code 4 confirmed these phases,
as shown in Figure 7.

4. Discussion

4.1. The Strengthening Mechanism of Microhardness

Research analysis by different research groups [41,42] hasconfirmed that the content of
rigid reinforcements in the ductile material matrix enhances the hardness of the composite.
The present research also affirmed the same by comparing the microhardness of alloy
codes 1 to 4. Each alloy had a different weight percentage and various combinations of
reinforcements compared with the as-cast condition of AZ91. For alloy code 2 (0.5 wt.%
SiCp added), the microhardness was enhanced by 12.69 HV because of the creation of
the brittle texture of Mg3Bi2, Mg2Si (1.92%, cubic) and SiC (2.52%, rhombohedral axes
(rhombo.h.axes)). SEM images (Figure 9b,c) reveal that alloy codes 2 and 3 had grain
refinement and particle strengthening, which improved the hardness of the composites [43].
Similarly, the microhardness of alloy code 3 (1 wt.% SiCp added) increased by 10 HV
compared with alloy code 1. However, the microhardness of alloy code 3 decreased by
2.69 HV, from 90.38% to 86.99%, compared with alloy code 2 because of the formation
of Mg0.97Zn0.03 (hexagonal) [12]. The values of the quantitative phases were estimated
based on the XRD pattern results, as shown in Table 7. Furthermore, the microhardness
of alloy code 4 (0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb) increased by 11.93 HV, even
with the additional brittle reinforcements Bi and Sb. Here, the microhardness was reduced
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because of the non-uniform distribution of different reinforcements and their high porosity
(Figure 12d) [17]. The presence of reinforcements can be ascribed to the restriction of localized
matrix deformation during indentation. The existence of growing agglomeration enhances
the porosity concerning the high surface tension and poor wetting properties among the
particles and molten melts. The mechanism of the higher viscosity of molten metals and
developing propensity of particles to clump increases the agglomeration [44].

 

Figure 12. Fractography of the tensile-ruptured surfaces of (a) pure AZ91 matrix, (b) AZ91 + 0.5 wt.% SiCp, (c) AZ91 +
1 wt.% SiCp and (d) AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb.

4.2. Strengthening Mechanism of the Mechanical Properties

As shown in Figures 4–6, the addition of nano-micro-reinforcements to the AZ91
matrix remarkably improved the tensile, compression and impact values compared with the
as-cast pure AZ91. The strengthening factors included the mismatch in the CTE, the shear
transfer effect of the load, Orowan strengthening development and the quantitative phase
present in the composites. These effects contributed to the improvement of mechanical
properties, which have also been confirmed by previous studies [17,21,30,33,45,46].

The dislocation effect and induced residual stresses developed because of the CTE
mismatch between the AZ91 matrix and reinforcements. The plastic deformation arose in
the SiCp vicinity to the Mg alloy because of thermal stresses. The increase in the mechanical
properties caused by the CTE can be estimated by Equation (5) [21,45]:

ΔσCTE =
√

3βμmb

√
12 f ΔαΔT
(1 − f )bd

, (5)

where β is 1.25 (strengthening coefficient), μm is 2.64 GPa (elastic modulus of the matrix;
μm can be calculated by μm = Em/[2(1 + ν)], where Em and ν are the Young’s modulus and
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Poisson’s ratio of the matrix AZ91, respectively), b = 0.32 nm (Burgers vector) [45], f is
0.0058 (the volume fraction of particles), d is the diameter of the particles from Table 2, ΔT is
300 K (test temperature and processing temperature difference) and Δα is 25.5 × 10−6 (CTE
difference between matrix and reinforcement particles) [47]. Particle size and volume frac-
tion are the critical factors for CTE values, as shown in Equation (5). Thus, ΔσCTE increased
when the particle size of the reinforcements decreased. The influence on strengthening was
due to the ΔσCTE between pure AZ91 and reinforced AZ91, as shown in Table 8.

Table 8. Percentage of strengthening contribution and comparison of the yield strengths of pure AZ91 and the as-cast AZ91
+ 0.5 wt.% SiCp + 1 wt.% Sb + 0.4 wt.% Sb matrix.

Strengthening Mechanism Values (MPa) Strengthening Contribution (%)

ΔσLoad
ΔσCTE
ΔσOrowan
ΔσTotal
ΔσYield strength (AZ91+0.5 wt.% SiCp+0.1 wt.% Bi+0.4 wt.%Sb)−(Pure AZ91)

0.17 1.712
7.67 77.24
2.09 21.05
9.93 -
13.70 72.48

Shear load transfers from hard reinforcement particles to the rigid composites during
the mechanical testing when sound structural integrity exists between the two phases in
the matrix. The load transfer effect is represented by Equation (6) [17,21,33]:

ΔσI = 0.5 f σm, (6)

where σm is the tensile yield strength and f = 0.00283 is the volume fraction of the reinforce-
ment particle. The calculated load transfer values are mentioned in Table 8. Load transfer is
a critical factor that improves yield strength [21,46]. Increasing load transfer consequently
expands the volume of fractions, as shown in Table 8.

As per the Orowan mechanism, finer reinforcements (less than 100 nm) [48] with
highly dispersed particles are more practical to enhance the mechanical properties of the
composite [49]. The Orowan mechanism developed by the particles is shown in Figure 13
The Orowan mechanism is large and energetically not favourable for the dislocation to cut
through in the composites. However, the Orowan mechanism is not vital in micro-sized
reinforcements in magnesium MMCs because of the coarse texture and the large spacing
of interparticles [48]. As shown in Table 8, the Orowan mechanism contributed about
21.05% against the CTE effect. The collaboration of the non-clipping particles remarkably
increased the composite’s strength as per the effect of the Orowan strengthening mechanism.
The ΔσOrowan caused by the second-phase dispersion [50] that acts as uniformly distributed
spherical reinforcements in the matrix can be estimated by Equations (7) and (8) [30,46,47]:

ΔσOrowan =
0.13Gmb

λ
ln

dp

2b
, (7)

λ = dp

[(
1

2 f

) 1
3 − 1

]
, (8)

where Gm= 2.64 GPa (shear modulus of the matrix), b = 0.32 nm [45,46], λ = 230.56 nm
(the effective planar interparticle spacing), f = 0.00283 is the volume fraction of reinforce-
ments calculated from the weight fraction and dp is the average diameter of the refinement
particles from Table 2. The calculated Orowan strengthening mechanism is listed in Table 8.

98



Metals 2021, 11, 898

 

Figure 13. Orowan mechanism of moving the location line from zone (a)–(c) and Orowan loop formation.

The CTE, the shear transfer effect of the load and Orowan strengthening develop-
ment in the composites are presented in Table 8. All the effect values (increasing trend of
total cumulative) show that the compression test delays crack propagation, dramatically
strengthens the interface of the alloys and increases the compression properties (increasing
trend), as shown in Table 5 [17].

4.3. Quantitative Phases Influences on Mechanical Properties

An outstanding amount of secondary phases was scattered throughout alloy code 2,
and the existence of SiCp increased its microhardness [12]. A refined grain structure means
that β-SiCp can restrict grain growth and maintain excellent dispersion (Figure 11b); thus,
SiCp is vital for accomplishing excellent mechanical properties, such as tensile and impact
properties [33,34].

However, the tensile and impact properties of alloy codes 3 and 4 were reduced in the
presence of SiCp, Mg2Si and C60, which can cause microcracks that coalescence into large
cracks [12], as shown in Figure 12c.

Nevertheless, the addition of 1 wt.% β-SiCp (alloy code-3) substantially decreased
the mechanical strength (the yield and ultimate properties) because of the sinking and
floating comportment of SiCp compared with AZ91 alloy because of its superior density
and surface tension. The main prerequisite for these mechanical properties changed
because of the presence of new intermetallic Al and Mn phases and massive Mg17Al12
(Figure 10c–d) phases. Figure 10c specifies the EDS results for alloy code-3. Alloy code 3
has several combinations of Al (48.78 wt.%) and Mn (47.26 wt.%), which are considered
intermediate brittle phases, such as Al6Mn and others presented in Tables 7 and 9 in the
massive Mg6Al12 phase. Similarly, Figure 10d shows an enormous solid phase of Mg
(52.19 wt.%) and Al (47.76 wt.%). A massive discontinuous Mg6Al12 phase appeared
when the β-SiCp amount increased to 1 wt.%. Moreover, XRD studies also confirmed
the existence of these phases, which dominated the mechanical strength of alloy code 3.
In addition, previous similar studies have demonstrated that Al–Mn, β-Mg17Al12 and
Mg2Si diminish mechanical properties [12,34].
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Table 9. Combinations of Al–Mn phases present in alloy codes 1 to 4 based on XRD textures. ([�]
and [×] denote the presence and absence of the respective phase, respectively).

Al–Mn Phases Alloy Code 1 Alloy Code 2 Alloy Code 3 Alloy Code 4

Al78Mn22 � × × �

Al0.43Mn0.47 � × � �

Al6Mn [51] � × × �

Al80Mn20 × × × �

Al10Mn3 × × × �

Al86Mn14 × × � ×
Al81Mn19 × � � �

Al77Mn23 � � × ×

In the impact test, alloy code 4 had multiple Al–Mn-constructed brittle phases,
as shown in Tables 7 and 9, based on the XRD results. The mechanical properties were
remarkably reduced because of these Al–Mn-based materials [51]. The results of the tensile
test of alloy code 4 displayed in Figure 12d show that these elements can produce substan-
tial amounts of brittle heterogeneous phases of C60, SiCp and Mg2Si, which can reduce
mechanical properties slightly compared to those of alloy code 2 because of the formation
of small microcracks (Figure 14d).

 

Figure 14. Fractography of the compression-ruptured surfaces of (a) pure AZ91 matrix, (b) AZ91 + 0.5 wt.% SiCp, (c) AZ91
+ 1 wt.% SiCp and (d) AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb.
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4.4. Fracture Surface Analysis

As depicted in Figures 13–15, the fracture morphology of pure AZ91 and reinforced
AZ91 composites (codes 1 to 4) was studied by SEM after tensile, compression and impact
tests. The studies reflect the occurrence of a combination of ductile and brittle fractures. β-
Mg17Al12 obstructed the commencement of cracks and deformation in the AZ91 matrix [52].

 

Figure 15. Fractography of the impact-ruptured surfaces of (a) pure AZ91 matrix, (b) AZ91 + 0.5 wt.% SiCp, (c) AZ91 +
1 wt.% SiCp and (d) AZ91 + 0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb.

The bunting cracks, microcracks and cavities detected in the 1 wt.% SiCp-reinforcement-
added composite alloy (code 3) shown in Figure 12c were more than those in alloy codes
1 and 2 in Figure 12a,b, respectively. Voids are inevitable in the stir casting method with
environs but can be governable. These voids exhaust the gas induced in the contiguous
particles and augment viscosity. The creation of voids and a secondary phase formulates
the stress concentration between particles and matrix. Furthermore, the large number
of particles leads to a higher concentration owing to the higher dislocation density [17].
When the load increases during tensile tests, the cleavage facet transfers and breaks the
intrinsically brittle structure in the transverse direction of the plane [52]. The load can be
moved from the α-Mg matrix to the reinforcement particles; at this moment, an enormous
crack is initiated by the reinforcement particles [11]. The tensile values of alloy code 4
decrease slightly because of the reinforcement increments, which can formulate a large
number of microcracks. In addition, the presence of Al–Mn-based components (Table 9)
can substantially reduce mechanical strength [51].

The number of shear bands (shear tongues) that exist in the fractured surface increased
due to the cumulative nano-and micro-reinforcements [11] in alloy codes 2 to 4 compared
with alloy code 1, as shown in Figure 14. The cavities and dimples in the fracture surface
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decreased from alloy codes 2 to 4. In addition, the value of the strengthening mechanism
had an increasing trend, as shown in Table 8. The cohesion force between matrix and refine-
ment increased and dimples reduced because of grain refinement. In addition, the interface
between plastic flow was due to the rigid reinforcements in the AZ91 matrix [17].

In alloy code 2, β-Mg17Al12 diffused along the grain boundary increased the impact
property dramatically. The presence of Mg2Si in alloy code 3 can initiate the formation of
micro- and nano-cracks [12]. However, the impact value of alloy code 4 (AZ91 + 0.5 wt.%
SiCp + 1 wt.% Bi + 0.4 wt.% Sb) was lower than that of as-cast AZ91 because of the number
of reinforcements whose crystal structures existed in the matrix.

The twin boundary fracture, microcracks and surface cracks in the impact test fracture
morphology are shown in Figure 15. Alloy code 4 had huge dimples, microcracks and
surface cracks compared with the other alloy codes, as shown in Figure 15d. The assortment
of C60, SiCp and Mg2Si heterogeneous phases can reduce the impact strength of the
materials, and the presence of huge Al6Mn phases also plays a vital role in reducing the
strength of the impact values [51]. The HCP structures of twin boundary cracks were
observed in alloy code 4, and these major boundary cracks, which lead to the reduction of
energy values, are shown in Figure 15d.

5. Conclusions

The different amalgamations of the hybrid nanoelement (β-SiCp) and microelements
(Bi and Sb) of AZ91 (alloy codes 1 to 4) MMCs were investigated. Microstructure evaluation,
phase quantitative analysis, the strengthening mechanism (CTE), the shear transfer effect
and the Orowan effect and their impact on mechanical properties (tensile, compression
and impact) were studied in detail. The following conclusions are derived from the
present study:

• The addition of β-SiCp (0.5 and 1 wt.%) nanoparticles resulted in grain refinement,
particle strengthening and creation of quantitative phases Mg2Si (cubic) and SiC
(rhombo.h.axes), which improved the microhardness of the AZ91 matrix by 18.6% and
14.66%, respectively. Similarly, a 17.49% increment in microhardness was generated by
adding 0.5% SiCp + 1% Bi + 0.4% Sb to the AZ91 matrix. However, the microhardness
of alloy codes 3 and 4 slightly decreased because of the reduction in Mg0.97Zn0.03
(hexagonal) brittle phases.

• The small number of 0.5 wt.% β-SiC nanoparticles remarkably improved the tensile
and yield values by 40.10% and 5.47% (169.33 and 72.82 MPa, respectively). The best
yield strength of 82.75 MPa (increased by 19.85%) was obtained from the AZ91 matrix
(alloy code 4) with 0.5 wt.% SiCp, 1 wt.% Bi and 0.4 wt.% Sb as reinforcements.
Strength was related to the mismatch of the CTE and the existence of quantitative
phases of Mg2Si, Mg3Bi2, Mg3Sb2 and Mg0.97Zn0.03 in the AZ91 matrix.

• Compression properties increased by 2.68%, 6.23% and 8.38% for alloy codes 2 to 4,
respectively. CTE augmentation; the shear transfer effect of the load; the Orowan
strengthening effect and the dispersion of quantitative phases Mg2Si, Mg3Bi and
Mg3Sb2 in the composites presented delays in crack propagation and occurrence at
the particle–matrix interface.

• The addition of β-SiC remarkably reduced brittle Al–Mn-based phases; thus, the ab-
sorbed Charpy impact energy improved by 236% (2.89 J) and 192% (2.35 J) for alloy
codes 2 and 4, respectively.

• Alloy code 4 (0.5 wt.% SiCp + 1 wt.% Bi + 0.4 wt.% Sb) gained impact energy neg-
atively, 0.98 J (−80%), because of the increment in reinforcement quantity and the
creation of C60, SiCp and Mg2Si phases. Al–Mn-based brittle phases, such as Al6Mn,
were observed in the XRD pattern. A large number of dimples and microcracks were
created in alloy code 4′s impact test fracture morphology because of the sinking and
floating comportments of SiCp, Sb and Bi.
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Particle debonding, the coalescence of voids and the nucleation growth of ductile
and brittle fractures were detected in tensile morphology. Debonding of microcracks was
perceived in the impact of the fragile fracture surface.
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Abstract: The friction stir lap welding of AA5083 H111 aluminum alloy and S355J2 grade DH36
structural steel was investigated. A polycrystalline cubic boron nitride with tungsten and rhenium
additives tool was used. According to visual inspection, radiographic examination, and tensile
test, it was observed that the best results were obtained for rotation speeds of about 700–800 rpm,
with a feed speed ranging between 1.3 and 1.9 mm/s. From the fatigue tests, it is possible to state
that there was a preferential propagation of cracks in the part of the aluminum alloy base material.
Furthermore, a different response to fatigue stress for samples extracted from the same weld at
different positions was observed, which introduces an overall variability in weld behavior along the
welding direction. The specimens obtained in the second part of the weld endured a larger number
of cycles before reaching failure, which can be related to progressively varying thermal conditions,
dissipation behavior, and better metal coupling as the tool travels along the welding line.

Keywords: friction stir welding; mechanical properties; dissimilar aluminum-steel lap joints

1. Introduction

In recent years, aluminum has experienced a high demand from industries because of
its outstanding properties, including high resistance-to-weight ratio, ductility, and high
corrosion resistance, which allowed it to be exploited for shipbuilding, automotive ap-
plications, and aeronautics. Because of their high strength and lightweight properties,
magnesium-based aluminum alloys enable the production of highly performing and ex-
tremely durable hulls, decks, and bulkheads. In particular, Aluminum 5083 is known
for exceptional high-resistance performance in harsh environments, including seawater
and industrial-chemical environments. It also retains exceptional strength after welding.
Typical applications are shipbuilding, rail cars, vehicle bodies, tip truck bodies, mine skips,
and cages and pressure vessels.

Despite the mentioned benefits and the large use for different assemblies, fusion weld-
ing of aluminum alloys is challenging since it can lead to metallurgical defects, mechanical
discontinuities, and reductions in mechanical properties. Solid-state welding introduces
the key advantage of avoiding the fusion and limiting thermal effect on material properties,
leading to improved weld quality.

Within naval sector applications, the use of steel is also well recognized because of
several advantages including weight reduction of about 40% compared with a similar
wooden structure, simplicity of structuring, larger load capacity, larger impermeability of
the planking and absence of caulking, higher durability, and ease of repair [1]. For example,
S355J2 grade DH36 structural steel is used in the naval sector as a structural steel for the
hull; it possesses good characteristics of toughness, machinability, and weldability, together
with a good impact resistance (also at sub-zero temperatures).

Joining aluminum to steel enables the ability to design and fabricate components
whose properties are customized to locally varying environmental conditions. However,
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dissimilar joining is highly affected by differences in thermal properties, limited mutual
solubility, and metallurgical compatibility. These challenges have raised the importance of
assessing the use of solid-state approaches, like Friction Stir Welding (FSW) for aluminum-
to steel assemblies.

Friction Stir Welding (FSW) was invented and patented in 1991 [2], and in the early
stages of development companies have implemented the process predominantly in the
fabrication of aluminum components and panels [3].

FSW processes for steels require improvements to tool material technology and process
control. The process economy for steel welding has not been fully established; moreover,
the robustness of the process for shipyard applications requires further consideration.

It is necessary to consider that the selection of the material to be adopted for the
construction of the tool is limited due to the high temperatures reached during the process
(about 1000–1200 ◦C). An essential requirement for successfully carrying out the welding is
that the tool does not suffer degradation actions caused by wear, deformations, microstruc-
tural instability, fracture, or reactivity with the material that constitutes the workpiece.
The tool is considered as the most critical component for performing a highly efficient
defect-free joint [4]. During FSW of Al to steel, Zhou et al. [5] totally plunged the pin into
the Al plate in order to avoid tool wear and this produced a diffusion layer at the inter-
face, rather than an intermetallic layer with enhanced atomic migration. Refractory alloys
based on the tungsten-rhenium system [6] are widely adopted for steel processing; they
consist of a ceramic solution based on polycrystalline cubic boron nitride (PCBN) [7] and
Co-based alloy with the γ/γ’ microstructure strengthened by precipitating intermetallics,
Co3(Al, W), with an Ll2 structure [8–13]. In particular, the wear of PCBN FSW tool was
investigated experimentally and numerically by Almoussavi et al., who determined that
the tool shoulder periphery and probe side bottom are the most vulnerable parts suffering
from wear issues [14]. As confirmed by Soresen et al., PCBN tools provide high quality
finish when used for FSW of both ferrous alloys [15].

The study of weld process parameters, dissimilar to the Al/steel joint, is of great
importance as it determines the heat input [16–19]. Elrefaey et al. [20] welded a plate of
commercially pure aluminum (AA 1100 H24) to a plate of low-carbon steel (SPCC) in lap
joint configuration and found that by increasing the rotation speed and decreasing the
travel speed, grains of both aluminum and steel, in all characteristic areas, were coarsened
and that a slight difference in pin depth (0.1 mm) has a significant effect on the performance
of the lap joints. Kimapong and Watanabe [21] found that when welding A5083 aluminum
alloy and a SS400 mild steel joint, it happens that increasing the tool rotational speed
decreased the shear load of the joint because the higher rotational speed formed a thick
FeAl3 intermetallic compound at the interface between aluminum and steel, and increasing
the traverse speed of the tool increased the shear load of joints. Chen et al. [22] studied
the effects of tool positioning on microstructures formed in the Al-to-steel interface region
and reported that when the pin was close to the bottom steel piece, Al-to-steel reaction
occurred, resulting in intermetallic outbursts formed along the interface, while when the
pin approached the steel, a thin and continued interface intermetallic layer was formed.
Wan et al. [23] enhanced the strength at the interface and eliminated the hook effect by
adopting an enlarged pin head with circumferential notches.

In this paper, Friction Stir Welding between AA5083 H111 aluminum alloy and S355J2
grade DH36 structural steel dissimilar in lap joint configuration, with a polycrystalline
cubic boron nitride with tungsten and rhenium additives tool, was presented. Sheets were
welded under different conditions, FSW tool axial force, rotation speed, and welding speed.
The quality of the FSW joint was evaluated by visual examination, X-ray tests (by ascertain
the presence of macroscopic defects, such as incomplete welding penetration, cracks), and
tensile and fatigue tests.

108



Metals 2021, 11, 1474

2. Materials and Methods

2.1. Materials

The used materials were AA5083 H111 aluminum alloy and S355J2 grade DH36
structural steel. The chemical composition and the mechanical characteristics of both
materials are shown in Tables 1 and 2.

Table 1. Average composition (weight %).

AA 5083 H111

Mg Si Fe Cu Mn Cr Zn
4.0 ÷ 4.9 0.40 0.40 0.10 0.40−1.0 0.05–0.25 0.25

S355J2 grade DH36
C max Si max S max Al Mn Cr max Ni max P max Ti max Cu max Mo max Nb V

0.18 0.50 0.035 0.015 0.9–1.60 0.20 0.40 0.035 0.02 0.35 0.08 0.03 0.08

Table 2. Mechanical property.

5083 H111

Rm (MPa) Rp0.2 (MPa) A (%)
275 125 16

S355J2 grade DH36
Rm (MPa) Re min (MPa) A (%)
490 ÷ 630 350 21

2.2. Methods

500 × 200 × 4 mm3 thick plates were used in lap joint configuration. The steel plate
was 1.5 mm thick while the aluminum plate was 4 mm thick. The aluminum plate was
machined in order to remove a surface skin depth and thus favor the overlap on the steel,
as shown in Figure 1a. The schematic set-up is shown in Figure 1b.

 
 

(a) (b) 

Figure 1. Schematic setup of the process in cross sectional (a) and axonometry (b) view.

Tests were carried out with a H. Loitz-Robotik (Hamburg, Germany) machine with
a nominal torque of 70 Nm up to 3050 rpm, a tilt angle range of +/−3◦, and a maximum
vertical force of 60 kN (Figure 2). In particular, the present paper focuses on specimens
produced with 1◦ tilt angle.

109



Metals 2021, 11, 1474

 

Figure 2. H. Loitz-Robotik Machine set up.

The tool (Figure 3), produced by MegaStir (Provo, UR, USA), with the abbreviation
Q70 (70% PCBN, 30% WRe), was made of polycrystalline cubic boron nitride (PCBN) with
tungsten and rhenium additives (WRe), which guarantee high thermal and mechanical
properties to cope with wear problems. In addition, the tool has a micro hardness of
2600–3500 HV and a low coefficient of friction which affects the final roughness of the joint,
improving the appearance [15].

Tool pin length was equal to 4.78 mm and shoulder diameter was equal to 36.8 mm. A
profilometer was used to monitor the tool wear state (Figure 3).

 

Figure 3. Megastir Q70 (PCBN/WRe) tool.

Joints were made by using axial force control, where the tool penetration depth
varies to keep the applied tool force constant. In addition, for each weld, a set of process
parameters, which include axial force, rotational speed (ω), and welding speed (v), was
identified (Table 3). For all trials selected, a tool tilt angle of 1◦ was adopted. Since a specific
set of specimens was selected from an original batch of more than thousand trials, the
numbering was kept as the original one and only the specimens assessed in the present
investigation were considered.

To verify the presence of defects in the specimens, X-ray examination was carried out.
Characterization of mechanical properties was carried out by testing lap shear specimens in
the transverse direction, 25 mm width, using a Zwick (Ulm, Germany) Z600 machine with
a 600 kN load cell at 2 mm/min at room temperature. The fatigue tests were performed
on the same specimen geometry used for testing the static properties, with a Zwick (Ulm,
Germany) Vibrophore 250 machine.
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Table 3. Process parameters.

Samples
(Original Batch)

Force (kN)
Travel Speed

(mm/s)
Rotational

Speed (rpm)
Weld Length

(mm)

953 20.75 1.3 800 230
954 21.25 1.3 800 230
957 21 1.7 800 230
958 21 1.7 1000 230
959 21 1.7 800 430
987 21 1.2 1000 430
988 21 1.9 900 430
990 21 2.1 700 430
992 21 1.2 900 430
993 24.5 1.2 1000 430
994 28.5 1.5 700 430
998 24.5 1.5 800 160
995 26.3 1.7 700 430
984 21 1.7 800 430
985 21 1.7 800 430
999 21 1.7 800 150
996 30 1.9 700 275
997 26.3 1.9 700 150

1000 27 1.9 800 145

3. Results

Figures 4–6 show the top view of welds 994, 995, and 999, respectively. All welds
presented a regular bead or reduced flash and a slightly rough surface. Despite that the
process parameters adopted were different, a similar quality of beads can be explained con-
sidering that the combinations of parameters selected lay within the weldability window.
Sample 994 was produced with a significantly larger force compared with sample 999, but
the lower rotational speed led to less energy input to foster the plasticization. This is due
to the tool material, since the polycrystalline cubic boron nitride tools produces smooth
surfaces on the weld due to the low coefficient of friction between PCBN and metals [15].
Figure 7 shows a detail of the macro- and micro-section of sample 987.

 

Figure 4. Sample 994.

 

Figure 5. Sample 995.
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Figure 6. Sample 999.

 

Figure 7. Sample 987 macro- and micro-section.

The picture shows the joint metallurgy within the stir zone (SZ), where refined and
equiaxed grains were found because of the dynamic recrystallization linked to plastic
deformation and heat input.

It is possible to observe the interconnection at the interface between Al and steel where
the latter penetrates into the aluminum matrix due to the stirring effect performed by the
pin. At the same time, a thin intermetallic layer at the interface between aluminum and steel
was formed. It is possible to observe the action area of the pin and the characteristic hook
shape generated by the roto-translational movement of the tool. In fact, in the interface
area, the mechanical anchoring that the steel generated in the aluminum plate following
plasticization and dynamic recrystallization is highlighted; the combination of mechanical
anchoring together with diffusive phenomena between aluminum and steel are the two
factors on which the mechanical strength that characterizes the joint directly depends.

Although the chemistry analysis is not in the scope of the present research, results
reported in the literature for similar morphologies revealed the presence of intermetallics
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compounds whose compositions vary in stoichiometry [24]. In fact, the heat input and high
strain rate deformation lead to diffusion-based formation of the FexAly intermetallic layer
and the thickness and morphology of such layer is highly dependent on process parameters
and consequent thermal history. In Figure 7, it can be observed that the intermetallics
appearance is not homogenous along the interface. Since the steel protruded towards the
Al side, the variation in stirring effect and local gradients in the thermal cycles generated
gradients in intermetallics composition, as demonstrated by the different morphology.

Figure 7 also presents some voids at the interface, which can be related to slightly
high process speed. In fact, in this case, the cooling rate was slower and it happens that in
the stir-processed zone after welding, an excessive release of stirred materials to the upper
surface resulted in voids formation.

X-ray tests were performed to check for defects in the joints. In most of the joints, no
defects were identified (Figures 8a and 9).

(a) 

 

(b) 

 

Figure 8. X-ray test for samples 953 (a) and 996 (b).

 

 

Figure 9. X-ray test for sample 957.

Specimens were extracted from the welds for the tensile and fatigue tests. As shown
in Figure 10, the samples were indicated with letters, where A indicates the specimen taken
in the initial part of the joint and consecutive letters indicate progressively closer positions
towards the final part of the bead.

Table 4 shows the results obtained by the shear test. Analyzing the results, it is
observed that as the welding speed varied, the best resistance values were obtained for
reduced rotation speeds, until about of 700–800 rpm.
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Figure 10. Tensile and fatigue tests samples.

Table 4. Shear test results.

N◦ Position Fmax (kN)

954
A 7

B 9

957
A 13

B 15

958
A 12

B 13

959
A 12

B 15

994

A 13

B 10

C 12

D 9

E 7

F 12

G 15

H 4

I 5

J 12

K 11

996
A 16

B 16

998

A 10

B 16

C 15

999

A 5

B 11

C 10
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The highest tensile strength values were obtained for a thickness of 1.5 μm, while a
decreasing trend was found for lower or higher values.

Scanning electron microscopy (SEM) analyses were conducted on specimens 987, 988,
990, and 992 and a measurement of IMC at its peak thickness was conducted. Measurements
made it possible to identify the intermetallics present, FeAl3 and FeAl6, and to evaluate
their relative thickness. Figure 11 shows the trend of the force as a function of the thickness
of the intermetallic for some of the specimens, in order to show how the increase in IMCS
within the range 1.5 to 2.1 μm thickness resulted in a decrease of shear strength. This aspect
has brought out how much, in addition to brittleness, the structure can be compromised
in terms of maximum resistance as the formation of intermetallic compounds increases,
especially beyond certain threshold values.

Figure 11. Shear force versus intermetallic thickness.

The fatigue test was performed on specimens 957 and 996. Figure 12 shows the
fracture zone for specimen 957. The fatigue test was performed on five samples obtained
from specimen 957 and eleven samples from specimen 996 and the test results are reported
in Tables 5 and 6 and in Figures 13 and 14.

(a)

(b)

Figure 12. Fracture zone for welding 957 specimen (a) and welding 3 specimen (b).

Table 5. Fatigue test process parameters and results on sample 3.

Samples
σmax

(N)
σmin

(N)
σm

(N)
Δσ/2
(N)

Δσ
(N)

R Number of Cycles
at Break

Fracture Zone

A 7750 1250 4500 3250 6500 0.16 2,084,900 TMAZ steel
B 8500 500 4500 4000 8000 0.06 49,814 nugget
C 7750 1250 4500 3250 6500 0.16 3,551,460 TMAZ steel
D 8500 500 4500 4000 8000 0.06 395,000 nugget
G 8500 500 4500 4000 8000 0.06 229,670 nugget
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Table 6. Fatigue test process parameters and results on sample 9.

Samples
σmax

(N)
σmin

(N)
σm

(N)
Δσ/2
(N)

Δσ
(N)

R Number of Cycles
at Break

Fracture Zone

C 7750 1250 4500 3250 6500 0.16 339,710 TMAZ aluminum
D 7750 1250 4500 3250 6500 0.16 340,085 TMAZ aluminum
E 7750 1250 4500 3250 6500 0.16 330,360 nugget
F 8250 750 4500 3750 7500 0.09 136,590 nugget
G 7000 2000 4500 2500 5000 0.29 9,770,460 TMAZ aluminum
H 7750 1250 4500 3250 6500 0.16 1,451,030 TMAZ aluminum
I 8000 1000 4500 3500 7000 0.13 842,780 TMAZ aluminum
L 8500 500 4500 4000 8000 0.06 337,525 nugget
M 7500 1500 4500 3000 6000 0.20 1,535,770 TMAZ steel
N 7750 1250 4500 3250 6500 0.16 263,130 nugget
O 8250 750 4500 3750 7500 0.09 531,589 nugget

Figure 13. Number of cycles at break for sample 957.

Figure 14. Number of cycles at break for sample 996.

Samples that reached the highest fatigue life values reported failure due to a crack
originating in the base material; this indicates a good resistance of the joint.
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According to the analysis carried out on the specimens’ fracture surfaces, there was a
preferential propagation of the beginning of the break in the part of the base material in
aluminum alloy.

This behavior could be linked to the greater stiffness that characterizes steel, which
would “unload” the cyclic stresses of the fatigue test on the more deformable aluminum alloy.

Figure 15 shows a fracture that occurred near the HAZ on the aluminum side.

 

Figure 15. Fracture in the HAZ on the aluminum side for welding 9 specimen C.

Although the fatigue samples were obtained from the same joint, they highlighted a
different response to the fatigue stress; the specimens obtained in the second part of the
weld endured a larger number of cycles before reaching failure.

At the beginning of the welding process, the materials were still cold and the alu-
minum dissipated more heat, leading to more severe thermal cycles and producing more
fragile metal phases. Furthermore, the contact zone between aluminum and steel did not
reach an optimal welding temperature, causing less efficient mixing of the materials.

As the process progressed, the temperature stabilized at the optimal one and the
mixing action between the two metals improved, generating a more performing joint.

The fact that specimens obtained in the second part of the weld endured a larger
number of cycles before reaching failure can also be related to progressively varying thermal
conditions and tightening effect of bonding as the tool travels along the welding line.

4. Conclusions

In the current study, 4 mm-thick plate of AA5083 H111 aluminum alloy and S355J2
grade DH36 structural steel were lap-welded with by friction stir welding under different
axial forces, travel speeds, and rotational speeds. A polycrystalline cubic boron nitride
with tungsten and rhenium additives tool was used.

Combining visual and radiographic examination and tensile tests highlighted that
the best results were obtained for rotation speeds of about 700–800 rpm with feed speeds
between 1.3 and 2.1 mm/s. The weldability window can be circumscribed within the just
mentioned ranges. Sample 996 presented the best results in terms of geometric defective-
ness, shear resistance, and fatigue.
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As concerns fatigue tests, it is possible to state that, according to the analysis carried
out with the scanning electron microscope on the fracture surfaces of the specimens, there
is a preferential propagation of cracks in the aluminum alloy base material.

Furthermore, there was a different response to fatigue stress for samples obtained,
in different positions, from the same weld. The specimens obtained in the second part of
the weld endured a larger number of cycles before reaching failure. This can be related to
variations in heat dissipation behavior and variations in material coupling in the contact
zone. Mitigation actions could include thermal pre-treatment or customized tool paths,
which in both cases would affect and stabilize the thermal history.
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